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ABSTRACT 
 

Modulation-Doped SrTiO3/SrTi1-xZrxO3 Heterostructures 

 

by 

 

Adam Paul Kajdos 

 

Two-dimensional electron gases (2DEGs) in SrTiO3 have attracted considerable 

attention for exhibiting a variety of interesting physical phenomena, such as 

superconductivity and magnetism. So far, most of the literature has focused on interfaces 

between nonpolar SrTiO3 and polar perovskite oxides (e.g. LaAlO3 or rare-earth titanates), 

where high carrier density 2DEGs (~3 × 1014 cm-2) are generated by polar discontinuity. 

Modulation doping is an alternative approach to generating a 2DEG that has been explored 

extensively in III-V semiconductors but has not heretofore been explored in complex oxides. 

This approach involves interfacing an undoped semiconductor with a doped semiconductor 

whose conduction band edge lies at a higher energy, which results in electrons diffusing into 

the undoped semiconductor transport channel, where scattering from ionized dopants is 

minimized. Realizing a high-mobility modulation-doped structure with a SrTiO3 transport 

channel therefore requires both the optimization of the transport channel by minimizing 

native defects as well as the development of a perovskite oxide which has a suitable band 

offset with SrTiO3 and can be electron-doped. 

The growth of high electron mobility SrTiO3 as a suitable transport channel material was 

previously demonstrated using the hybrid molecular beam epitaxy (MBE) approach, where 
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Sr is delivered via a solid source and Ti is delivered using a metal-organic precursor, 

titanium (IV) tetra-isopropoxide (TTIP). Expanding on this, in-situ reflection high-energy 

electron diffraction (RHEED) is used to track the surface and resulting film cation 

stoichiometry of homoepitaxial SrTiO3 (001) thin films grown by hybrid MBE. It is shown 

that films with lattice parameters identical to bulk single-crystal substrates within the 

detection limit of high-resolution X-ray diffraction (XRD) measurements exhibit an 

evolution in surface reconstruction with increasing TTIP beam-equivalent pressure. The 

change in the observed surface reconstruction from (1×1) to (2×1) to c(4×4) is correlated 

with a change from mixed SrO/TiO2 to pure TiO2 surface termination. It is argued that 

optimal cation stoichiometry is achieved for growth conditions within the XRD-defined 

growth window that result in a c(4×4) surface lattice. 

The development of a doped perovskite oxide semiconductor with a suitable conduction 

band offset is then discussed as the next necessary step towards realizing modulation-doped 

heterostructures. The SrTixZr1-xO3 solid solution is investigated for this purpose, with a 

focus on optimizing cation stoichiometry to allow for controlled doping.  In particular, the 

hybrid MBE growth of SrTixZr1-xO3 thin films is explored using a metal-organic precursor 

for Zr, zirconium tert-butoxide (ZTB). The successful generation of 2DEGs by modulation 

doping of SrTiO3 is then demonstrated in SrTiO3/La:SrTi0.95Zr0.05O3 heterostructures, and 

the electronic structure is studied by Shubnikov-de Haas analysis using multiple-subband 

models. 
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The study of electronic transport confined to two dimensions represents one of the most 

dominant areas of interest in semiconductor research, building on decades of work spanning 

a vast array of material systems. Research and development of two-dimensional electron and 

hole gases (2DEGs and 2DHGs, respectively) in group IV[1, 2], III-V[3-7] (including 

nitrides [8, 9]), and II-VI [10] semiconductors enabled a multitude of electronic device 

technologies for logic circuits and signal processing. 2DEGs not only play a major role in 

commercially ubiquitous (FET) structures, but they also serve as a valuable system for 

studying exotic quantum phenomena such as the integer [11] and fractional [12] quantum 

Hall effects, that only arise in 2D-confined electron systems, in which electrons are confined 

to motion within a plane (typically at an interface or surface). 

More recently, there has been considerable interest in studying 2DEGs in complex oxide 

heterostructures, in particular those based on perovskite oxides. This class of materials 

exhibits a large variety of electrical and magnetic properties, including but not limited to 

superconductivity [13], ferromagnetism [14], ferroelectricity [15], and Mott metal-insulator 

transitions [16]. The prospect of integrating any number of these phenomena into an all-

oxide electronic device drives much of the work on developing higher-quality materials to 

match traditional semiconductor standards of purity and defect control, as well as the study 

of their electronic structure.  

SrTiO3, a perovskite oxide superconductor (TC ≤ 350 mK [13]) and incipient 

ferroelectric with high low-temperature electron mobilities (~104 cm2V-1s-1 in bulk single 

crystals [17, 18]), has attracted significant attention for studies of 2D transport in complex 

oxides. This is in part because electronic transport occurs in a conduction band derived from 

Ti 3d orbitals, which are expected to exhibit transport properties substantially different from 
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group IV and III-V semiconductors, whose conduction bands are derived primarily from s-p 

hybridized orbitals. Free electrons in these narrow-bandwidth d-orbital-derived bands 

experience stronger electron-electron correlations [19], which play a role in Mott metal-

insulator transitions and various magnetic ordering phenomena. The availability of n-type 

dopants (e.g. La and Nb) and relatively high electron mobilities also contribute to the 

interest in SrTiO3 as a prototypic complex oxide semiconductor.  

High electron mobility allows for the resolution of features in the electronic structure 

through magnetoresistance measurements. Typically, one may extract information about 

properties such as carrier density, charge carrier effective mass, and electronic subband 

energy spacings either directly or indirectly from oscillations in the longitudinal 

magnetoresistance Rxx(B) (i.e. Shubnikov-de Haas oscillations), which will be discussed in 

greater detail in Section 1.2. The angular dependence of Shubnikov-de Haas oscillations 

further enables the confirmation of the two-dimensional confinement of carriers. For the 

purpose of introduction, it should be stated that the information above can only be extracted 

if electron mobility is sufficiently high, typically according to the criterion µB > 1, where µ 

is the quantum mobility of electrons in a magnetic field with magnitude B. This criterion 

holds true for both 3D and 2D electronic systems. The study of 2DEGs in SrTiO3, as in any 

other material system, is thus greatly enhanced by high charge carrier mobility. 

 

1.1 2DEGs in SrTiO3 

Interest in studying 2D transport in SrTiO3 has led to the exploration of a number of 

approaches to generating 2DEGs in this system, including both new and traditional methods 

developed in more mature semiconductor systems. Perhaps the most thoroughly explored 
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2DEGs in SrTiO3 are those formed via a polar discontinuity at the interface between a polar 

perovskite and nonpolar SrTiO3. This configuration is most commonly realized at the 

interface between LaAlO3 and SrTiO3 [20], though substantial research efforts have also 

focused on RTiO3/SrTiO3 interfaces, where R represents a rare-earth metal (e.g. La [21, 22], 

Gd [23], Sm [24], Nd [25]). 

The polar discontinuity mechanism leads to a 2DEG at the interface between a polar and 

nonpolar oxide by introducing a fixed sheet charge at the interface, though in a 

fundamentally different manner than for polarization-induced 2DEGs in GaN/AlGaN, for 

example.  The terms “polar” and “nonpolar” in the context of polar discontinuity refer to the 

stacking of atomic layers, rather than a spontaneous bulk electrical polarization. To illustrate 

this point, LaAlO3 can be described as a stack of alternating LaO+ and AlO2
- atomic 

monolayers along the [001] crystallographic direction. Thus LaAlO3 consists of bilayers 

with electrical polarity and as such can be described as polar, whereas SrTiO3 consists of 

alternating neutral layers, SrO0 and TiO2
0, and as such is nonpolar. If the interface is formed 

between LaO+ and TiO2
0, a divergent electrostatic potential requires charge reconstruction, 

resulting in a 2DEG with a density equal to half an electron per planar unit cell (~3 × 1014 

cm-2) [20]. 

Polar/nonpolar complex oxide 2DEGs display many interesting properties that motivate 

continued research in this area, such as coexisting superconductivity and ferromagnetism 

[26]. There is, however, interest in investigating 2DEGs with lower charge carrier densities 

(< 1013 cm-2) to investigate long-range Coulomb interactions or to simplify analysis of the 

electronic structure by filling fewer electronic subbands. In the case of 2DEGs formed by 

polar discontinuity, achieving low charge carrier densities in a controlled fashion is difficult 
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due to the inherently large interface charge in these systems. Electric-field gating of such 

large carrier densities is a challenge that has been met with limited success [27-29], though 

another route to much lower charge carrier densities and higher mobilities remains a 

necessary endeavor.  

Compared to polar/nonpolar interfaces, delta-doping is a less explored route to 

generating 2DEGs in SrTiO3. Originally developed for III-V semiconductors grown by 

MBE [6, 30], delta-doping is effected by confining donors in a semiconductor to a single 

atomic layer, and as such the dopant concentration profile can be approximated as a delta 

function. Confining the dopants to a single atomic layer is not a strict requirement for delta-

doping; the doped layer need only be thinner than the spatial extent of the ground state wave 

function for a potential well from a given carrier density [6]. In this configuration, electrons 

diffuse away from their donors, and this diffusion is counterbalanced by Coulombic 

attraction between the electrons and their ionized dopants. Thus the charge carriers are 

effectively limited to motion in the vicinity of the plane of dopant atoms, forming a 2DEG. 

SrTiO3 has so far been successfully delta-doped with La substitution on the perovskite 

A-site and Nb [31] doping on the perovskite B-site [31]. The 2D nature of the electronic 

transport in these systems has been confirmed with Shubnikov-de Haas oscillations in both 

cases, and Nb-delta-doped SrTiO3 was shown to exhibit 2D superconductivity. 

Unfortunately, engineering delta-doped semiconductors with higher mobility is hindered by 

scattering from a high density of ionized dopants in the doping plane for real systems with 

finite interface roughness, and the mitigation of ionized dopant scattering by reducing the 

concentration of dopants is limited by the minimum density required to maintain a confining 
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Coulombic potential [6]. Again, as was the case for polar/nonpolar interfaces, another 

approach is necessary to generate higher-mobility, low-carrier-density 2DEGs in SrTiO3.  

The development of more traditional MOSFET-type structures with undoped SrTiO3 

(without a high-density polar/nonpolar 2DEG) as the semiconducting channel has also been 

explored for studies of 2-D transport [32-35]. Such structures have attracted attention for 

their value in any studies involving systematic changes in 2-D carrier density regulated by 

gate bias in group IV [1] and III-V [7] semiconductors. Unfortunately, SrTiO3 MOSFET 

structures exhibit relatively low charge carrier mobilities due to a large number of interfacial 

defect states [33, 34], limiting their usefulness for investigating electronic structure and 

various physical phenomena. 

One method heretofore unexplored for generating 2DEGs in SrTiO3, or any other 

complex oxide for that matter, is modulation doping [36]. The basic principle of this doping 

scheme relies on separating charge carriers in a semiconductor from their ionized dopants, 

thus increasing electron mobility. In practical terms, this involves interfacing an undoped 

semiconductor with a doped semiconductor whose conduction band edge lies at a relatively 

higher energy (for n-type modulation doping, see Fig. 1.1), which causes electrons to diffuse 

into the undoped semiconductor. These electrons are then confined to the interface by 

Coulombic attraction to the ionized dopants, while remaining in the undoped semiconductor 

due to the presence of a barrier at the interface. By spatially separating electrons from their 

ionized donors, ionized dopant scattering is reduced, and thus electron mobility is increased.  

The modulation doping approach has been successfully employed in a variety of 

configurations in the III-V semiconductor family, yielding low-density 2DEGs with the 

highest recorded electron mobilities of any semiconductor system [5, 37]. The vast library of 
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research resulting from the development of modulation-doped 2DEGs in III-V 

semiconductors can only suggest vast possibilities for discovery in complex oxides, which 

as a class of materials exhibit a much greater variety of physical phenomena. The following 

sections will discuss modulation-doped semiconductor heterostructures in greater detail with 

the intention of outlining an approach to realize such structures in the complex oxide 

SrTiO3. 

 

1.1.1 Modulation-doped III-V heterostructures 

As mentioned above, one of the most prolific areas of research on 2DEGs has 

centered on modulation-doped III-V semiconductors, where GaAs/AlxGa1-xAs 

heterostructures in particular serve as the prototypic system for this doping scheme. The first 

modulation doped configuration was explored as a superlattice consisting of alternating 

undoped GaAs and doped AlxGa1-xAs layers, with the undoped transport channel in direct 

contact with the doped barrier layer [36]. A single-interface configuration led to 

improvements in electron mobility in 2DEGs [5, 38] and led to the development of 

modulation-doped FET (MODFET) structures, also referred to as high-electron-mobility 

transistor (HEMT), similar to that shown in Fig. 1.1. This type of structure can be generally 

classified as a selectively-doped heterostructure (SDH). 

Incorporating an undoped spacer layer between the doped barrier layer and the 

transport channel has been shown to drastically improve mobility in SDH’s by further 

separating the charge carriers in the transport channel from their ionized dopants. This 

improved mobility (by nearly an order of magnitude) comes at the expense of the density of 

charge carriers transferred to the transport channel [39]. In spite of this, undoped spacer  
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Figure 1.1: Schematic band diagram of a modulation-doped field-effect transistor 
(MODFET) or high-electron-mobility transistor (HEMT) heterostructure, valid for a type I 
band alignment. EC, EF, and EV mark the conduction band edge, Fermi level, and valence 
band edge, respectively. 
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layers are a standard feature in modulation-doped heterostructures [5]. 

Modulation doping can also been effected without needing to dope the barrier layer 

at all. In a selectively-delta-doped GaAs/AlxGa1-xAs heterostructure (SDDH), a delta-doped 

AlxGa1-xAs layer or GaAs/AlxGa1-xAs quantum well is placed in the vicinity of a 

GaAs/AlxGa1-xAs interface transport channel. This approach has the advantage of effectively 

increasing the conduction band discontinuity at the interface by the value of the ground state 

energy in the well, and it also mitigates the effects of surface depletion, allowing for a 

higher carrier density to be transferred to the conducting channel [6]. 

More complicated structures incorporating short-period superlattice (SPSL) delta-

doping structures, among other refinements and modifications, have been conceived for 

achieving extremely high electron mobilities (exceeding 3 × 107 cm2V-1s-1) in III-V 

heterostructures structures [37]. However, in the interest of developing a roadmap for 

developing modulation-doped SrTiO3 heterostructures, the simpler selectively-doped and 

selectively-delta-doped heterostructures are more appropriate for initial exploration. Prior to 

that, it will be necessary to first establish a suitable barrier material for band-gap engineering 

in SrTiO3, as will be discussed in the next section. 

 

1.1.2 A modulation-doped 2DEG in SrTiO3 

 Realizing a modulation-doped 2DEG in SrTiO3 necessitates the development of a 

suitable doped barrier material to deliver charge carriers to the undoped transport channel. 

This barrier material must, as the name suggests, provide a barrier at the interface for 

electron confinement. More specifically, it must exhibit a positive conduction band offset 

with SrTiO3. The barrier material must also be amenable to n-type doping to be viable for a 
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modulation doping scheme, and structural compatibility between the undoped channel and 

the doped barrier layer must also be considered. Both should be sufficiently lattice-matched 

to prevent excessive scattering or charge-carrier trapping at the interface due to defects. As 

such, a perovskite oxide with a positive conduction band offset with SrTiO3 that can be 

doped n-type would prove an ideal candidate for modulation doping. 

 One material that attracts attention as a candidate for modulation doping SrTiO3 is 

SrZrO3, a large band-gap (Eg = 5.6 eV [40]) orthorhombic (space group Pbnm [41]) 

perovskite oxide band insulator. Of particular interest is the large conduction band offset 

between SrTiO3 and SrZrO3 (ΔEc = 1.9 eV) in a type I band alignment [42]. In terms of band 

offsets, this is ideal for modulation doping; however, there are other concerns that limit the 

usefulness of SrZrO3 as a doped barrier. For one, the lattice mismatch between SrZrO3 and 

SrTiO3 is substantial, both in terms of size (Δa ~ 5%, assuming a pseudocubic lattice 

parameter for SrZrO3: a = 4.11 Å [41]) and symmetry. Defects resulting from the mismatch 

or from domain formation are problematic for controlled doping of the barrier layer as well 

as for engineering of an interface with high structural quality. Furthermore, it is unlikely that 

any shallow donors exist for SrZrO3; it is a large band-gap insulator with no reports of 

electronic conduction available in the literature. That being said, SrZrO3 remains a valuable 

candidate as an undoped barrier material in other perovskite oxide heterostructures. 

  Given the potential issues with using pure SrZrO3 outlined above, a more reasonable 

approach could utilize the alloy system SrTi1-xZrxO3. Several reports have been published on 

the structure of this material system [41, 43, 44], showing a solid solution across the entire 

range 0 < x < 1. For small amounts of Zr content, x < 0.05, the alloy maintains a Pm3-m 

lattice with a reasonable lattice size match with SrTiO3. Although no reports have heretofore 
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been published on the electronic structure or transport in this alloy system, one may 

hypothesize that for small enough Zr substitution, SrTi1-xZrxO3 can be doped n-type, similar 

to SrTiO3. Furthermore, if one assumes a Vegard’s Law relation between the Zr content and 

conduction band offset, relatively small amounts of Zr substitution are necessary to produce 

a sufficient conduction band offset for modulation doping. For these reasons, developing 

and studying prototypic SrTiO3/SrTi1-xZrxO3 modulation doped systems is a reasonable step 

towards realizing high-mobility, low-density 2DEGs in complex oxides. 

 

1.2 Shubnikov-de Haas Analysis of 2DEGs 

 Oscillations of the longitudinal magnetoresistance Rxx periodic in inverse magnetic 

field 1/B are collectively referred to as Shubnikov-de Haas (SdH) effect. This effect has 

been utilized as a means to extract valuable information about the band structure of many 

semiconductor 2DEGs with sufficiently high electron mobility. The frequency, as well as 

the temperature-dependence and field-dependence of the amplitude of these 

magnetoresistance oscillations depend on properties such as the electron density, effective 

mass, and charge carrier lifetime, respectively. The angle-dependence of the oscillations 

allows for an unambiguous test of the two-dimensional nature of the system. As such, the 

Shubnikov-de Haas effect is an invaluable probe of the electronic structure of new 2DEG 

systems. To fully appreciate the usefulness of SdH analysis, it is worth discussing the origin 

of this effect specifically for a 2D system. 

 In the most basic sense, the Shubnikov-de Haas effect is a probe of the electronic 

structure insofar as the longitudinal magnetoresistance reflects, to some extent, changes in 

the density of states near the Fermi level. In a 2D system, the density of states is constant for 
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each subband and is typically depicted as a step-like structure as a function of energy, with 

each step representing an additional subband. When a magnetic field is applied, the 2D 

density of states is partitioned into highly degenerate Landau levels [45], which represent 

quantized cyclotron energy levels with energies: 

 !n = (n! 1
2 )!"c                                                          (1.1) 

where n is any positive integer and ωc is the cyclotron frequency  

!c =
eB
m*

                                                            (1.2) 

where e is the elementary charge and m* is the effective mass of electrons in the magnetic 

field. Thus for a fixed mass the energy spacing of these Landau levels depends only on the 

applied magnetic field B. 

  In an ideal system, the Landau levels themselves are delta functions in energy, but 

when the electron scattering (due to any number of mechanisms) is taken into account, 

Landau levels can be assumed to take on a Gaussian [45] or Lorentzian [46, 47] distribution 

with a finite breadth, typically quantified as a full-width at half maximum given by Γ = ħ/τq, 

where τq is the quantum lifetime of electrons in this scenario. Thus in real systems at low B 

fields or short quantum lifetimes, where ħωc < Γ, the Landau levels strongly overlap, leading 

to minimal perturbation of the original 2D density of states. Resolution of individual levels 

only occurs to a significant extent when ħωc > Γ, which are achieved with either higher 

fields or longer carrier lifetimes (e.g. at lower temperatures or with higher charge carrier 

mobilities). It is for this reason that high charge carrier mobility is crucial for tracking the 

electronic structure with varying field. 

 If the above criterion is met, oscillations can be observed in the longitudinal 

magnetoresistance. These oscillations correspond to changes in the density of states at the 
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Fermi level, as is shown in Fig. 1.2. Since the total electron density n2D of a system is 

typically fixed, and since the density of states of each Landau level nL varies with the 

magnetic field according to the relation nL = eB/h, the Fermi level (or more generally, the 

Fermi surface) will necessarily adjust to keep the total electron density constant, which 

requires that Landau levels are successively depleted with increasing magnetic field. When 

any Landau level is fully depleted, Ef is located at a minimum in the density of states, which 

corresponds to a minimum in Rxx(B). Conversely, Rxx(B) will exhibit a maximum if Ef is 

located within a Landau level. This differs from transport in the absence of a magnetic field 

in that the longitudinal resistivity and conductivity scale directly with each other in this 

scenario [44]. In very high-mobility 2D systems where the Landau level width Γ is 

sufficiently small and B sufficiently high (Γ << ħωc), Rxx(B) will go to zero when the density 

of states vanishes at EF. The transverse magnetoresistance Rxy(B) will be constant for a range 

of B where these conditions hold; this behavior is known as the quantum Hall effect. 

 The angle-dependence of SdH oscillations (as well as de Haas-van Alphen 

oscillations) has been used extensively to map the Fermi surface of metals and can similarly 

be used to determine whether a system is two-dimensional nature. This is due to the fact that 

the period of the oscillations in 1/B is inversely related to the extremal cross-sectional area 

of the Fermi surface normal to the magnetic field B [48]. In a 2-D electronic system, the 

Fermi surface takes the form of a cylinder in k-space (if the in-plane mass is isotropic). If we 

assume two-dimensional carrier confinement in the x,y-plane, the Fermi vector along kz is 

undefined, and the angle-dependence of SdH oscillations will give a oscillation period that is 
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Figure 1.2: Illustration of the link between the density of states n(E) and oscillations in 
the longitudinal magnetoresistance Rxx(B) from the Shubnikov-de Haas effect. The 
Landau levels “I” and “II” are adjacent Landau levels from the same subband. EF is the 
Fermi level; Γ is the full-width half maximum of the Landau levels; and ħωc represents 
the spacing between the centers of adjacent Landau levels. The areas shaded light-blue 
represent filled states. 
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constant with regard to the inverse of the component of the magnetic field B: 1/(Bcosθ), 

where θ is the angle between B and the confinement-plane normal. This behavior can thus 

be used to confirm the two-dimensional confinement of charge carriers in a system with 

sufficiently high mobility to resolve SdH oscillations. 

 To extract information from a 2DEG system with multiple occupied subbands (as is 

the case for SrTiO3 even at low carrier densities), a standard equation [47] may be used to 

simulate or fit to Shubnikov-de Haas oscillations from m occupied subbands as a function of 

1/B: 

!Rxx
R0

= 2Ai exp
2!2kBTD,i
!!c
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%

&
'
'
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sinh X( )
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+ !
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#
$

%

&
'                        (1.3) 

where i is the subband index, Ai are amplitude factors related to intrasubband scattering 

probabilities, kB is the Boltzmann constant, TD,i is the Dingle temperature of each subband, 

ωc is the cyclotron frequency described in Eq. 1.2,  fi are the oscillation frequencies, and 

X = 2!2kBT( ) !!c( ) . By fitting this equation to experimental data, one may extract the 

effective mass from ωc, the quantum lifetime τq from the Dingle temperature via 

! q =
!

2!kBTD                                                               (1.4)
 

 and the carrier density ns from each subband via  

f = nsh
2q                                                                   (1.5)

 

for non-spin-split subbands. Extracting this information from experimental data will 

make up the bulk of the analysis of a modulation-doped complex oxide heterostructures in 

Chapter 6. 
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1.3 Organization 

 To realize a 2DEG in SrTiO3 by modulation doping, the hybrid MBE growth of 

SrTi1-xZrxO3 must be explored as a prototype doped barrier layer. In addition, the 

optimization of SrTiO3 undoped channel must be optimized beyond previous efforts to 

better suit the growth of more complex heterostructures. With these goals in mind, this 

dissertation will focus on the following: 

• Investigating surface reconstructions as a guide for optimizing MBE growth 

conditions for SrTiO3 and related perovskite alloy systems, using in-situ reflection 

high-energy electron diffraction (RHEED) 

• Developing the hybrid MBE growth of SrTi1-xZrxO3 

• Investigating the transport properties of La:SrTi1-xZrxO3 and La:SrTi1-xZrxO3/SrTiO3 

modulation-doped heterostructures (both selectively doped and selectively delta-

doped) 

Chapter 2 will provide background regarding the hybrid MBE growth technique and 

previous efforts in stoichiometry optimization of perovskite oxide titanates, with a focus on 

the materials development to be discussed in this dissertation. Chapter 3 will present a new 

method for stoichiometry control of hybrid-MBE-grown SrTiO3 utilizing in-situ RHEED 

characterization. Chapter 4 will demonstrate the application of this stoichiometry 

optimization approach in a related system, the tunable dielectric BaxSr1-xTiO3. Chapter 5 will 

then cover the hybrid MBE growth and characterization of SrTi1-xZrxO3 and SrZrO3, as well 

as electrical transport characterization of La:SrTi1-xZrxO3 and La:SrTi1-xZrxO3/SrTiO3 

modulation doped heterostructures.  
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Chapter 2 

Background: Hybrid MBE Growth of Complex Oxides 
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2.1 Introduction 

As discussed in Chapter 1, gaining insight into the electronic structure of materials that 

exhibit exotic phenomena demands high materials quality.  Achieving maximal electron 

mobility and mitigating the effects of unintentional defects allows for features of the 

electronic structure to be more clearly observed in Shubnikov-de Haas oscillations. As an 

example, the fractional quantum Hall effect was only observed in III-V semiconductors once 

the electron mobility was sufficiently high [5, 12]. The prospect of modulation doping in the 

complex oxide SrTiO3 is therefore contingent on developing high quality materials for both 

the conducting channel as well as the doped barrier layer. Fortunately, the success of III-V 

semiconductor materials development provides some basis for similar developments in 

complex oxides, particularly with respect to materials synthesis. 

Although metal-organic chemical vapor deposition (MOCVD) constitutes a great portion 

of the industrial synthesis of III-V semiconductors, much of the progress in the research and 

development of III-V semiconductor heterostructures is enabled by the molecular beam 

epitaxy (MBE) crystal growth technique. This is in large part due to the level of control 

afforded by MBE. The technique is based on line-of-sight delivery of vapor-phase 

constituents sublimated or evaporated from high-purity sources to a crystalline substrate, 

which typically determines the phase and orientation of the resulting crystalline film. The 

background pressure during growth is kept sufficiently low such that the mean free path 

between collisions for these vapor-phase constituents is much greater than the distance 

between the sources and the substrate. It is under these conditions that a molecular beam 

will form. Since the arrival rate of the vaporized source elements forming the molecular 

beam is not confounded by gas-phase interactions or reactions prior to impingement onto the 
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substrate, a high level of control over the flux is possible. This allows for very precise 

doping and alloying profiles, which are critical for applications relying on quantum-

confinement effects. 

The high materials quality enabled by MBE has arguably played the greatest role in the 

successful development of III-V semiconductor heterostructures. This high quality results in 

part from a combination of high source purity and low background pressure [5]. The ultra-

high vacuum (UHV) background standard in most MBE systems mitigates the incorporation 

of defects by minimizing the impingement and adsorption of impurity gases on the growing 

surface. A substantial increase in mobility from improving the integrity of the UHV 

background, for example, was effected by introducing a load-locked sample loading 

chamber [39], attesting to the value of maintaining low partial pressures of impurity gases in 

the MBE growth chamber.  

Growth of high-quality thin films by MBE is also largely predicated on the existence of 

a growth window. The growth window for a particular material defines a range of growth 

conditions (e.g. growth temperature, absolute and relative fluxes of the vapor-phase source 

materials, etc.) within which a stoichiometric crystal is thermodynamically favored to grow 

[49]. In terms of thermodynamics, it defines a two-phase region wherein the stoichiometric 

crystal is in equilibrium with the vapor of the more volatile constituent. The growth window 

for GaAs, for example, falls within a range of conditions that favor the growth of 

stoichiometric GaAs in equilibrium with an As-rich vapor. The thermodynamic system is 

As-rich overall, in that Ga and As are supplied with an As overpressure, but due to the 

volatility of As at appropriate growth temperatures, only as much As will incorporate into 

the film as is needed to form stoichiometric GaAs. Excess As will favor the vapor phase, 
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which can be removed in dynamic vacuum to maintain a controlled steady-state flux, over 

solid As in this regime. Therefore, the fluxes of each constituent need not be precisely 

controlled to obtain a stoichiometric compound as long as the growth conditions fall within 

the growth window. If conditions fall outside of the growth window, the stoichiometric 

compound may decompose or evaporate, or solid phases of the excess constituents may be 

incorporated into the film, depending on the temperature and composition of the system. 

The advantages of MBE growth in materials quality motivate its implementation in the 

development of complex oxide semiconductor heterostructures, for which low defect 

densities are necessary for studies of the intrinsic physics of these systems. That being said, 

the growth of stoichiometric complex oxides using traditional solid-source MBE has proven 

difficult for some material systems [50] due to the inaccessibility of the growth window.  

This difficulty has led to alternative deposition methods, such as pulsed laser deposition 

(PLD) [51] or RF magnetron sputtering [52, 53], to become widely used for the growth of 

complex oxides. These deposition techniques allow for the transfer of material from 

nominally stoichiometric targets formed by standard bulk synthesis; however, the energies 

of impinging species is high, typically on the order of several eV or greater [54]. In contrast, 

the energy of impinging species during MBE growth is on the order of the energy of 

thermally evaporated species, ~kBT or tenths of an eV. The low energy of deposition of 

MBE leads to the incorporation of fewer intrinsic defects in the growing film than in the 

case of PLD or sputtering. MBE is therefore still ultimately preferred for the growth of 

complex oxide heterostructures. 

In this chapter, the challenges associated with the MBE growth of complex oxides from 

solid sources will be discussed. Background will be provided on the development of hybrid 
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MBE as a method to address these challenges, prefaced with some discussion of oxide 

growth from metal-organic compounds. 

 

2.2 MBE Growth of Complex Oxides 

The MBE growth of complex oxides from solid sources has generally proven difficult 

primarily due to the relatively low volatility (i.e. low vapor pressure) of their binary oxide 

constituents, which effectively places the growth window for many complex oxides at 

impractically high temperatures. As an example, the growth window for SrTiO3 is shown in 

Fig. 2.1a on a graph of the beam-equivalent pressure of SrO (the more volatile constituent 

comparing SrO and TiO2) and inverse temperature. To reach the growth window with 

practical beam-equivalent pressures (10-8 to 10-6 Torr), substrate temperatures in excess of 

1200 °C would need to be maintained during growth [55]. Such high temperatures are 

incompatible with the integrity of substrate heating systems developed for the growth of 

III-V semiconductors, especially in the presence of highly oxidizing gas species such as 

ozone or oxygen plasma. 

It should be noted that the growth window for some complex oxides, such as PbTiO3 

[56] (see Fig. 2.1b) and BiFeO3 [57], exists for practical growth conditions, due to the 

relatively high volatility of PbO and Bi2O3, respectively. Although the growth window may 

be considerably narrower than that for GaAs, for example, adsorption-controlled growth can 

proceed in a fashion similar to III-V semiconductors under appropriate conditions. For 

example, a substrate temperature of ~640 °C should hypothetically allow for a growth 

window for PbTiO3 for a range of PbO beam-equivalent pressures from 10-8 to 10-6 Torr 

[56], which are easily attainable with standard MBE equipment. Unfortunately, these  
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Figure 2.1: Equilibrium curves of vapor pressure versus inverse temperature relevant to 
the solid-source MBE growth of (a) SrTiO3 (adapted with permission from [55]. 
Copyright 2009, AIP Publishing LLC) and (b) PbTiO3, with GaAs shown for comparison 
(adapted from [56] with permission from Elsevier). For beam equivalent pressures (BEP) 
of AO (A = Sr or Pb) below the red curves, the vapor phase is favored for AO; BEP 
above the blue curves favor the formation of ATiO3 from vapor-phase AO and solid 
TiO2. Above the blue curve and below the red curve, one would expect ATiO3 to form 
and for excess adsorbed AO species to re-enter the vapor phase. Regions shaded blue 
thus represent the growth window for the respective complex oxide. 
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materials lack utility as semiconductor transport layers, so the aforementioned advantages of 

MBE have a limited benefit in this regard. 

Given the low vapor pressure of SrO and the limitations of standard (or even nominally 

oxygen-resistant) MBE equipment, the growth of SrTiO3 by solid-source MBE is relegated 

to taking place outside the growth window. As such, Sr:Ti cation stoichiometry is 

determined entirely by the relative local fluxes of each constituent; any deviations from a 

1:1 flux ratio correspond directly to cation nonstoichiometry. To obtain semiconductor-

quality thin films with the concentration of defects from nonstoichiometry limited to the 

order of parts per million (~1016 cm-3 in SrTiO3), the difference in cation flux would need to 

be controlled within 0.0001% of the total flux, which is highly impractical even with 

advanced flux monitoring techniques. 

  

2.3 Stoichiometry Optimization of SrTiO3 

Despite the absence of a growth window, several methods have been developed or 

existing methods employed to optimize the stoichiometry of SrTiO3 grown by solid-source 

MBE. Most involve in-situ monitoring of growth with reflection high-energy electron 

diffraction (RHEED), an indispensable tool for thin film growth in high vacuum conditions. 

Most also rely on corroboration with data from ex-situ characterization such as X-ray 

diffraction (XRD) and Rutherford backscattering spectrometry (RBS). A brief review of 

how various characterization methods have been employed to optimize the cation 

stoichiometry of SrTiO3 will be given below. 

One method employed by Haeni et al [58] involves tracking of the reflected RHEED 

beam intensity during the sequential deposition of SrO and TiO2 layers to grow SrTiO3 



 

 24 

(001). The doses of each constituent monolayer were carefully controlled with a 

combination of atomic absorption spectroscopy (AAS [59]) and quartz crystal monitor 

measurements. The RHEED intensity during sequential deposition shows an oscillating 

pattern (increases with SrO deposition and decreases with TiO2 deposition) that varies 

depending on the relative dosage. The authors find that the RHEED maximum intensity 

remains constant for stoichiometric conditions, while for Sr-rich and Ti-rich conditions, the 

maximum intensity will increase and decrease with subsequent oscillation periods, 

respectively [58]. Controlling the dose of each layer with a combination of flux monitoring 

and RHEED intensity profiles allows for stoichiometry to be controlled within the limits of 

RBS measurements (~1%). 

Others concerned with the solid-source MBE growth of SrTiO3 (001) on Si (001) [60] 

and LaAlO3 (001) [61] have correlated changes in the RHEED pattern with stoichiometry. 

In both cases, the authors find that an excess of Sr is indicated by ½-order reflections along 

the <110> azimuths with only integral order reflections along <100> azimuths, which 

correspond to a c(2 × 2) surface reconstruction. For Ti-rich conditions, ½-order reflections 

are observed along the <100> azimuths but only integral order reflections are observed 

along <110> azimuths, which indicates a mixed-domain (2 × 1) and (1 × 2) surface 

reconstruction. The authors determine that stoichiometric growth conditions produce a (1 × 

1) SrTiO3 (001) surface, indicated by the absence of fractional-order reflections in the 

RHEED pattern. These observations hold true for both sequential deposition and 

codeposition, and stoichiometry is quantified within the limits of RBS. 

The stoichiometry of SrTiO3 thin films can also be determined by measurements of its 

lattice constant with high-resolution XRD. This method is predicated on the lattice 
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expansion of SrTiO3 in both regimes of cation excess. Proposed mechanisms for lattice 

expansion involve the formation of SrO bilayers (a Ruddlesden-Popper type defect) in the 

Sr-rich regime, whereas in the Ti-rich regime, Sr vacancies form, leading to the mutual 

repulsion of O anions in nearby TiO6 octahedra [62]. A stoichiometric SrTiO3 thin film 

grown homoepitaxially on SrTiO3 will produce an XRD spectrum with the peaks from the 

film overlapping with those from the substrate. Sufficient cation excess would lead to a shift 

in the film XRD peaks due to lattice expansion. Using XRD as a measure of stoichiometry 

can conceivably apply to heteroepitaxial growth of SrTiO3 or related systems; in that case, 

the minimum lattice parameter would be indicative of stoichiometry, even without peak 

overlap, assuming all films are coherently strained and assuming that lattice expansion only 

comes from cation nonstoichiometry rather than alloying, for example. This latter point will 

be explored in the growth of BaxSr1-xTiO3 and SrTi1-xZrxO3, discussed in Chapters 4 and 5, 

respectively. 

The methods described above allow for 1:1 Sr:Ti cation stoichiometry in solid-source 

MBE-grown SrTiO3 on the order of a few percent, the measurement limit of more common 

compositional analysis techniques (e.g. RBS, XPS). The defect density for 1% off-

stoichiometry in SrTiO3 corresponds to ~1020 cm-3, which is still far too large for high 

mobility transport and controlled doping to carrier densities on the order of the defect 

density or lower. Regarding the objectives of this dissertation, controlling the stoichiometry 

of a doped SrTi1-xZrxO3 barrier using solid sources alone is entirely impractical, especially 

given the necessity of controlling an additional flux from a highly refractory Zr source as 

well. As such, developing a new modulation-doped heterostructure for SrTiO3 absolutely 

necessitates growth under conditions allowing self-regulated stoichiometry. The following 
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section will introduce metal-organic precursors as alternatives to solid sources for MBE 

growth, leading the way for a discussion on prior development of the hybrid MBE approach, 

which employs a combination of solid and metal-organic sources. 

 

2.4 Metal-organics for MBE 

The hybrid MBE approach addresses the issue of the low volatility of binary oxide 

constituents in complex oxides on the premise that if the vapor pressure of one of the binary 

oxide constituents were effectively increased, the growth window would then exist at more 

reasonable growth conditions. To this end, one can look to metal-organics (MO), a class of 

chemical compounds that have been studied extensively as precursors for binary oxide 

deposition in metal-organic chemical vapor deposition (MOCVD) and atomic-layer 

deposition (ALD) processes, for their higher vapor pressures as compared to their 

corresponding elemental metals. 

A MO is a coordination complex with a central metal ion connected to organic 

functional group ligands via oxygen atoms, which is sometimes distinguished from an 

“organometallic,” a label typically reserved for similar compounds (of considerable 

importance in III-V MOCVD) where the metal ion is bonded directly to the organic 

functional group [63].  β-diketonate chelate compounds [64-71] are one set of extensively 

studied and widely used MO compounds for both transition metals and alkaline earth metals 

(see Fig. 2.2a for an example). Homoleptic metal alkoxides [63, 68-76], a subset of MO 

compounds with the chemical formula M(OR)n, where M is a metal ion and R is any of a 

number of organic functional groups, constitute many of the most extensively studied 

precursors for metal oxide growth (see Fig. 2.2b for an example).  
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Figure 2.2: (a) Chemical structure of a typical β-diketonate chelate with a central Ba ion. 
R1 and R2 can be either identical or different organic functional groups. (b) The chemical 
structure of titanium (IV) tetra-isopropoxide (TTIP). 

 

Although many MO compounds have been successfully utilized in MOCVD processes, 

those that are suitable for MBE growth comprise a much smaller set of compounds due to 

the special requirements of MBE growth. For instance, MOCVD typically relies on an inert 

carrier gas (e.g. H2) to convey the precursor to the substrate. This would not be practical for 

MBE, where background pressures must be sufficiently low to maintain molecular beam 

conditions. Therefore, a suitable precursor for MBE must be conveyable without a carrier 

gas. In addition, the precursor must have sufficiently high vapor pressure to sustain 

sufficient flux for practical growth rates without exceeding the minimum temperature for 

thermal decomposition at the source. Furthermore, when the precursor arrives at the 

substrate and decomposes, the byproducts of the reaction must be sufficiently volatile such 

that they can be removed in a dynamic vacuum, minimizing the incorporation of carbon or 

other undesirable components of the MO into the growing film. 

To better understand the requirements for MO precursors in MBE growth, it is 

informative to discuss the β-diketonates of Ba, which have been successfully implemented 

in MOCVD growth processes but have proven unsuitable for MBE growth. Several studies 
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have demonstrated the growth of Ba-based compounds from these precursors using a carrier 

gas; however, at temperatures required to get a sufficiently high flux (300-400 °C) without a 

carrier gas, Ba precursors invariably decompose at the source, leading to a build-up of 

residue [77]. To address this issue, some researchers have modified Ba precursors with 

fluorinated ligands to increase the vapor pressure at lower temperatures and prevent 

premature decomposition, though upon decomposing on the surface of the growing film, 

nonvolatile fluoride compounds may be incorporated into the film [78]. Residue from 

unfluorinated precursors builds up in MO vaporizers even in MOCVD systems that 

successfully utilize the precursors for oxide growth, and a solvent flush is necessary to clear 

the residue and thus maintain a stable working condition [70, 79]. This is not a viable 

solution for MBE growth, since periodic solvent flushes would compromise the integrity of 

the UHV conditions in the growth chamber. Ba β-diketonates thus do not satisfy most of the 

criteria necessary for implementation in MBE. 

In contrast to the previous example, titanium tetra-isopropoxide (TTIP), a homoleptic 

metal alkoxide, does satisfy the criteria for precursors in MBE, and has proven to be 

instrumental in the development of hybrid MBE. The molecular structure consists of a 

central Ti4+ cation bonded to four isopropyl groups via oxygen. The vapor pressure of TTIP 

is approximately 100 mTorr at 49 °C [80], which is sufficiently high at a temperature far 

below its minimum temperature for decomposition, ~ 260 °C [81]. This allows the precursor 

to be delivered without a carrier gas while avoiding the deposition of residue at the source or 

in the growth chamber. In addition, the byproducts of TTIP, which include water, alkenes, 

and alcohols [81], are all highly volatile, thus contamination from MO byproducts is 
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minimized. TTIP can thus be expected to perform reliably if implemented as a MBE gas 

source. 

The MBE growth of oxides from MO precursors (i.e. MOMBE) has been demonstrated 

previously for both binary oxides [78, 82-84] as well as thin films of more chemically 

complex high-Tc superconductors [77, 85]. In most cases, the precursor was used as a means 

to increase the vapor pressure of the source material to get a higher, more stable flux from 

the effusion cell, rather than as a method to open a growth window. Incidentally, this led to 

the earliest published reports of hybrid MBE growth, in which MO precursors for Dy and Y 

were used in conjunction with solid sources for Ba and Cu to grow high-Tc superconductors 

[85]. As such, selectively replacing solid sources with MO precursors in a HMBE approach 

was shown to be feasible for the growth of high-quality thin films, even if semiconductor-

quality stoichiometry control was not necessarily the primary goal. 

Given that a hybrid MBE approach is a feasible one, it is also desirable in some cases 

over using MO precursors alone. Hypothetically, the adsorption-controlled growth of 

complex oxides could be achieved with MOMBE, without the need for solid sources. 

However, suitable precursors for certain elements have not yet been developed to meet the 

criteria for MBE growth, as is the case for Ba and Sr, whose precursors have shown little 

promise for MBE growth even with substantial effort put forth to mitigate unfavorable 

characteristics [66]. Solid sources for Ba and Sr are readily available and can provide a 

reasonably stable flux, even at moderate oxygen background pressures [86], in contrast to 

solid sources for Ti, for example, which suffer from low vapor pressures and reactivity 

between the source material and its crucible at elevated temperatures [87]. Furthermore, 

adsorption-controlled growth of a ternary oxide (quaternary or higher order oxides are not 
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considered for the sake of simplicity and relevance to the thesis topic) only requires that one 

of the binary oxide constituents be volatile, so in the case of SrTiO3 growth by hybrid MBE, 

supplying Sr via a solid source and Ti via a MO precursor should constitute an effective 

configuration for adsorption-controlled MBE growth. 

As long as one of the binary oxide constituents is sufficiently volatile to open a growth 

window under practical growth conditions, the choice between using a solid source or MO 

precursor for a particular element in a hybrid MBE configuration can be determined by 

source or precursor availability and performance. The issue of choosing one or the other 

type of source becomes particularly relevant in the hybrid MBE growth of perovskite alloy 

systems, such as the SrTi1-xZrxO3 and BaxSr1-xTiO3 systems to be explored in this 

dissertation. Since both systems are solid solutions with random substitution on one type of 

site (B- and A-sites, respectively), and since control of same-site stoichiometry is not as 

critical, though still of much significance, to the desired materials properties as the A:B site 

stoichiometry, either solid source or MO sources can be utilized to add an alloying element. 

For example, if a Zr solid source were to be used in conjunction with a Ti MO precursor to 

grow the alloy system SrTi1-xZrxO3, the growth window would not be compromised as long 

as excess TTIP desorbs to maintain a 1:1 A:B site stoichiometry. Its use as a doped barrier is 

predicated on the assumption that the Zr substitution can vary on the order of a few percent 

(as would be expected from a solid source) and still allow n-type doping, which is not the 

case for A:B nonstoichiometry of that magnitude. Later in this chapter, the use of a Zr MO 

precursor will be justified as the preferred approach over a solid source for the SrTi1-xZrxO3 

alloy system. Because of the lack of suitable precursors for Ba as discussed in this section, a 



 

 31 

solid source for Ba will be used together with a solid source for Sr in the growth of 

BaxSr1-xTiO3. 

 

2.4.1 Deposition Kinetics of Metal Oxides from Metal-organic Precursors 

To better understand the role of MO precursors in opening a growth window, a 

discussion of the deposition kinetics of metal oxides from metal-organics is necessary. The 

study of the conversion of MO compounds into metal oxides comprises a sizeable library of 

research, spurred in large part by the ability to grow oxide thin films at low temperatures and 

with solution-based methods [80].The conversion invariably involves removing the organic 

constituents from the precursor to form the metal oxide and gaseous byproducts, a chemical 

reaction which can be generally represented (for a homoleptic metal alkoxide) as: 

M OR( )n !MOx + byproducts(g)                                        (1) 

The specific byproducts released by the reaction depend on the configuration of the MO 

precursor molecule [75]. This reaction describes the simplest case in which the MO 

decomposes via pyrolysis, although hydrolytic reactions [88] have also been studied 

extensively. Since this chapter is concerned with MO precursor implementation for MBE, 

where great care is usually taken to minimize the amount of water vapor in the growth 

chamber, hydrolysis is of limited relevance, and as such the focus will remain on pyrolytic 

reactions. It should be noted that in reality, the reaction described in Eqn. (1) takes place in a 

number of steps [88], but the simplified expression suffices for the following discussion of 

growth kinetics. 

A thorough investigation of the growth kinetics of TiO2 from MO precursors TTIP and 

titanium (IV) nitrate was performed by Taylor et al [76], whose results can be generalized to 
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any arbitrary vapor-phase precursor. To explain the observed changes in growth rate with 

temperature, their model describes the deposition of a binary oxide MOx as a two-step 

process, involving the reversible adsorption of a precursor species P and the subsequent 

pyrolysis of the adsorbed precursor: 

Pg( ) ! Pad( )       (2) 

Pad( ) !MOx + byproducts(g)      (3) 

It should be noted that the precursor species P may differ from the precursor molecule 

M(OR)n in equation (1). This distinction is made to generalize the process to instances 

where the adsorbed precursor species may be altered from the original molecule during the 

process of adsorption. Equations (3) and (1) can therefore be identical in a number of cases, 

but equation (3) is more generally applicable. 

The schematic diagram presented in Fig. 2.3 illustrates the process of binary oxide 

deposition from a MO precursor, with the rate-determining steps labeled in red text. If one 

assigns the rate constants ka, kd, and kr for the rate-determining processes of adsorption, 

desorption, and reaction, respectively, Taylor et al show that the growth rate (R) of the 

binary oxide from a MO precursor can be described as: 

R = krZPSP
0

ZPSP
0 !P

0( )+ kd + kr
,          (4) 

where Zp is the rate at which precursor molecules impinge onto the growth surface (related 

to the precursor flux); Sp
0 is the probability that an impinging precursor molecule will adsorb 

on the surface if no previously adsorbed precursor is present (i.e. with zero coverage); and 

!P
0  is the total number of sites available for precursor adsorption [76]. The 
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Figure 2.3: Flow chart depicting the process of binary oxide deposition from a MO 
precursor. Rate-limiting steps are labeled with red text. 
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growth rate R is temperature dependent via the Arrhenius temperature dependence of the 

rate constants: 

ki = Ai exp
!Ea,i
kbT

"

#
$$

%

&
'' ,     (5) 

where Ai is the reaction frequency factor and Ea,i is the activation energy for the reactions 

with i = a, d, or r. Thus the growth rate is expected to change with temperature as the rate 

constants for each process vary in accordance with their respective activation energies. 

Above the minimum temperature for decomposition, Taylor et al [76] observe three 

kinetic regimes of growth from a precursor, as shown in Fig. 2.4. These kinetic regimes have 

also been observed for the MOCVD growth of III-V semiconductors [49]. Below the 

minimum temperature for decomposition, the precursor molecule is thermally stable, as the 

rate of reaction is so low so as to yield a negligible growth rate. As the temperature 

increases, the reaction rate constant becomes significant, but the rate of reaction (and 

desorption) are negligible compared to the rate of adsorption, giving kd + kr( ) << ZPSP0 !P
0( ) , 

where the latter term is related to the rate of adsorption. For a range of temperatures in 

which this holds true, there is full coverage of the surface with unreacted precursor, and 

Equation 4 can be simplified to give the approximation: 

R = kr!P
0       (6) 

This describes the growth rate in the range of temperatures known as the reaction-limited 

regime, since the growth rate only depends on the rate at which the precursor decomposes 

(as well as the number of sites available for precursor adsorption, which is independent of 

temperature in this case), and as such the growth rate increases with increasing temperature. 
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When the temperature increases further, eventually the rate of reaction exceeds both the 

rate of adsorption and desorption. Under these conditions, kr >> ZPSP
0 !P

0( )+ kd , and the 

growth rate can be approximated from Equation (4) as: 

R = ZPSP
0       (7) 

The growth rate thus depends only on the rate of impingement of precursor molecules on the 

growing surface. This is known as the flux-limited or mass transport-limited regime [49]. 

For a given flux, the growth rate is constant for the range of temperatures where these 

conditions hold. 

 At the highest temperatures, desorption of the unreacted precursor limits the growth 

rate, i.e. kd >> ZPSP
0 !P

0( )+ kr , and the growth rate can be approximated as: 

R = kr
kd
ZPSP

0       (8) 

In this desorption-limited regime, the growth rate is limited by desorption but is determined 

by the precursor flux and reaction rate as well. In terms of temperature dependence, this 

means that the growth rate may either increase or decrease depending on the relative 

activation energies of reaction and desorption [76]. In the case of TTIP, the growth rate 

decreases with increasing temperature in the desorption-limited regime, as shown in Fig. 

2.4, because the activation energy for desorption is greater than that of reaction. 

 Since the existence of a growth window in hybrid MBE is predicated on the 

desorption of excess unreacted precursor species, it is expected that the growth window will 

only open in the desorption-limited regime. It is assumed that the nonvolatile component has 

negligible vapor pressure compared to the volatile metal-organic; otherwise the adsorption-
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controlled growth regime for a complex oxide would be complicated by desorption of the 

second constituent. This assumption holds for SrTiO3 with regard to SrO volatility, as was 

covered in previous sections. As such, the study of the kinetics of oxide deposition from MO 

precursors allows for some insight into the growth conditions necessary to achieve a growth 

window in hybrid MBE for SrTiO3 and related compounds. 

 

 

 

Figure 2.4: Growth rate of TiO2 from the pyrolysis of TTIP in a low-pressure CVD 
reactor. Three kinetic regimes of deposition and the thermally stable regime at lower 
temperatures are labeled. Adapted with permission from [76]. Copyright 1999 American 
Chemical Society. 
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2.5 Hybrid MBE Growth of SrTiO3 

The practical implementation of a hybrid MBE technique combining an MO precursor 

and an elemental solid source, specifically for the purpose of opening an adsorption-

controlled growth regime (growth window) under practical growth conditions, was first 

demonstrated for SrTiO3. Initial studies [55, 89] investigated the homoepitaxial growth of 

SrTiO3 on SrTiO3 (001) single-crystal substrates, using TTIP as an MO precursor for the 

TiO2 binary oxide constituent. Unlike in solid-source MBE, an additional oxygen source is 

not necessary to grow high-quality SrTiO3 by hybrid MBE [23], since the TTIP precursor 

molecule already contains a sufficient number of oxygen atoms bonded to the central Ti4+ 

cation per precursor molecule. However, the first hybrid MBE-grown films were grown in 

an oxygen plasma background to modulate the breakdown of TTIP with varying beam-

equivalent pressures of oxygen [55]. 

The growth window in hybrid MBE-grown SrTiO3 thin films was initially demonstrated 

through XRD measurements of the film lattice parameter [55], which is indicative of the 

Sr:Ti cation stoichiometry as was discussed in previous sections. As shown in Fig. 2.5, at 

substrate temperatures of 700 °C and above, a range of TTIP/Sr beam-equivalent pressure 

ratios exists such that the resulting thin film lattice parameter matches that of the substrate. 

This range of growth conditions constitutes a growth window insofar that matching substrate 

and film lattice parameters are indicative of stoichiometric films, which are 

indistinguishable by XRD, grown with substantially different relative cation fluxes. The 

broadening of the growth window and its shift towards higher TTIP/Sr beam-equivalent 

pressure ratios suggests that the self-regulating stoichiometry is effected 
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Figure 2.5: Out-of-plane lattice parameter of SrTiO3 thin films on SrTiO3 (001) 
substrates at various TTIP/Sr beam-equivalent pressure ratios and at different 
temperatures. All films shown here were grown in an RF oxygen plasma (250 W, 8 × 10-6 
Torr). The bulk lattice parameter of cubic SrTiO3 (at room temperature) is marked by a 
dotted line for each data set. Adapted with permission from [55]. Copyright 2009, AIP 
Publishing LLC. 
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primarily by the desorption of excess TTIP. This is also corroborated by the opening of the 

window at 700 °C, the approximate onset of the desorption-limited regime for TTIP. 

The cation stoichiometry of SrTiO3 films grown within the growth window was also 

corroborated by energy positron annihilation spectroscopy (VE-PALS). With this technique, 

cation-site defect concentrations in La-doped SrTiO3 films grown by MBE were found to be 

on the order of 2 ppm [90]. By contrast, SrTiO3 films grown by pulsed laser deposition 

contained an order of magnitude higher concentration of cation-site defects, ~50 ppm [91]. 

The low energy of deposition for MBE-grown films and the self-regulating stoichiometry of 

a growth window thus allow for much lower defect densities than can be achieved by more 

typical high-energy deposition techniques. 

The transport properties of La-doped hybrid MBE-grown SrTiO3 also attest to the 

superior stoichiometry of thin films grown within the growth window. For instance, a 1:1 

correlation between La dopant concentration (measured by secondary ion mass 

spectroscopy, or SIMS) and charge carrier concentration (determined by Hall effect 

measurements) can be shown for films doped as low as 5 × 1017 cm-3 [92]. This suggests that 

the density of any defects involved in charge-carrier trapping must be substantially lower 

than the lowest dopant concentration, which is supported by data from VE-PALS that places 

cation defect concentrations on the order of 1016 cm-3. The electron mobility of hybrid MBE-

grown La-doped SrTiO3 thin films also far exceeds that of thin films grown by other 

techniques and even that of bulk single crystals, reaching values of 30,000 cm2V-1s-1 at 2 K 

[92] in early studies and more recently exceeding 50,000 cm2V-1s-1 at 2 K [93] with growth 

at higher substrate temperatures. Given the superior transport properties of these thin films, 
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hybrid MBE stands as the preferred method for growing SrTiO3 transport layers for studies 

of high-mobility systems in complex oxides. 

So far, it has been shown that the growth window, as defined by XRD measurements of 

the film lattice parameter, allows for unprecedented stoichiometry control of the complex 

oxide SrTiO3. There are, however, some limitations to the use of XRD as the main tool for 

stoichiometry optimization. For one, cation nonstoichiometry can only be detected to the 

extent that it produces a detectable peak shift in the spectrum. Second, the analysis of XRD 

data becomes increasingly difficult when more complicated heterostructures (such as those 

designed for modulation doping) are being studied or once different substrates are being 

used. It is therefore beneficial to revisit in-situ RHEED characterization for the purpose of 

stoichiometry optimization, as will be discussed in more detail in Chapter 3. 

 

2.6 Hybrid MBE Growth of SrTi1-xZrxO3 

The previous section presented background information about the development of hybrid 

MBE for the purpose of improving the cation stoichiometry in SrTiO3, with discussions 

about further improvements deferred to subsequent chapters. Optimizing the stoichiometry 

of the transport layer is crucial to successful mobility enhancement by modulation doping, 

as is the development of the doped barrier layer. Addressing the latter point requires Zr 

substitution on Ti sites to produce SrTi1-xZrxO3, creating a doped barrier layer with a 

significant conduction band offset. 

Using a Zr solid source for the growth of SrTi1-xZrxO3 can be problematic due to the low 

vapor pressure of Zr, which is even lower than that of Ti. The temperature necessary to give 

a vapor pressure of 10-2 Torr for Zr is 2450 °C, compared to 1740 °C for solid Ti [94], and 
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the low vapor pressure of Ti has even proven troublesome for the growth of titanates from a 

solid source [87]. Electron beam-evaporated Zr sources have been used to grow SrZrO3 by 

MBE in a layer-by-layer growth mode [95] and as such are viable for Zr evaporation. 

However, in this case, one still encounters the issue of MBE growth with another 

nonvolatile binary oxide constituent, ZrO2, precluding the existence of a growth window for 

SrZrO3. The extremely low vapor pressure of ZrO2 may not be an issue for the adsorption-

controlled growth of SrTi1-xZrxO3, since the A:B stoichiometry can still be regulated by 

desorption of excess TTIP despite variations in the Zr flux. In spite of this, there is sufficient 

motivation to implement a MO precursor for Zr. 

One MO precursor for Zr, zirconium tert-butoxide (ZTB, Zr[OC(CH3)3]4), stands as an 

attractive candidate for realizing the growth of SrTi1-xZrxO3. ZTB has already been shown to 

satisfy the compatibility criteria for MBE growth in the growth of ZrO2 on III-V 

semiconductors [96]. The vapor pressure of ZTB [97] and the minimum decomposition 

temperature of ZTB [73] are similar to those of TTIP [80], allowing it to be integrated into 

an MBE system using similar equipment proven effective for the growth of SrTiO3. Similar 

to TTIP, the CVD growth of ZrO2 from ZTB exhibits 3 kinetic regimes versus temperature: 

reaction-, flux-, and desorption-limited (see Fig. 2.6). Given the advantages of improved 

volatility (for either increased growth rate or the opening of a growth window) of MO 

precursors, and since an MBE-compatible precursor already exists for Zr, the hybrid MBE 

growth of SrTi1-xZrxO3 will be realized with MO precursors for both Ti and Zr, along with a 

solid source for Sr. Details and results of the growth will be discussed in Chapter 5. 
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Figure 2.6: Growth rate of ZrO2 from the pyrolysis of zirconium tert-butoxide (ZTB) in 
a low-pressure CVD reactor. The approximate boundaries of three kinetic regimes of 
deposition and the thermally stable regime at lower temperatures are labeled. Adapted 
with permission from [73] Copyright 2002 American Chemical Society. 

 

2.7 Chapter Summary 

In this chapter, the development of a hybrid MBE approach was motivated by the 

necessity of growing electronic transport-quality complex oxides in an adsorption-controlled 

growth regime (i.e. growth window) at practically attainable growth conditions. Substituting 

solid sources with a more volatile MO precursor opens a growth window wherein 

stoichiometry is regulated by the desorption of excess precursor at temperatures within a 

desorption-limited kinetic regime. Previous efforts in the hybrid MBE growth SrTiO3 with a 

MO precursor for Ti, TTIP, successfully demonstrated a growth window for SrTiO3 

observed with XRD peak overlap for the film and substrate. Although stoichiometry 

optimization by XRD has proven useful for substantially improving the transport properties 
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of SrTiO3 thin films, revisiting in-situ RHEED characterization as a more sensitive method 

for stoichiometry optimization of SrTiO3 was motivated, and the relevant results and 

discussion deferred to Chapter 3. The precursor ZTB was also introduced as the preferred Zr 

source for the hybrid MBE growth of SrTi1-xZrxO3, to be discussed in more detail in Chapter 

5. 
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Chapter 3 
Surface Reconstructions and Stoichiometry in SrTiO3 Grown 
by Hybrid Molecular Beam Epitaxy 
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3.1 Introduction 

Chapters 1 and 2 motivated the development of highly stoichiometric SrTiO3 as the 

transport channel in modulation-doped complex oxide heterostructures and provided 

background on the development of the hybrid MBE approach as a means to address inherent 

difficulties in the MBE growth of complex oxides, respectively. The growth of SrTiO3 by 

the codeposition of Sr from a solid source and Ti from a MO precursor, TTIP, was shown to 

open a growth window at practical growth conditions defined by a range of TTIP/Sr beam-

equivalent pressures in which the film lattice parameter (as measured by XRD) is equal to 

the lattice parameter of the SrTiO3 (001) substrate. Although stoichiometry optimization by 

XRD has proven effective in the growth of high-mobility homoepitaxial SrTiO3 thin films, 

its utility in optimizing the growth of heterostructures is limited. In-situ RHEED 

characterization has been used extensively to track the surface stoichiometry in the MBE 

growth of a wide variety of semiconductor systems, including SrTiO3 grown by solid-source 

MBE (without a growth window). In this chapter, RHEED will be shown to be a sensitive 

probe of the surface stoichiometry (and thus the resulting bulk stoichiometry) of hybrid 

MBE-grown SrTiO3 thin films within the growth window. The results presented in this 

chapter were published elsewhere [98]. 

  

3.2 Experimental Details 

The SrTiO3 thin films that are the focus of this chapter were grown homoepitaxially on 

10 × 10 × 0.5 mm3 SrTiO3 (001) single crystal substrates (MTI Corporation). Growth was 

performed in a VEECO GEN930 MBE reactor configured for hybrid MBE, identical to the 

experimental setup used in earlier studies of hybrid MBE growth of SrTiO3 [55, 89]. Sr 
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(99.99% purity, Sigma-Aldrich) was supplied via a low-temperature, oxygen-resistant 

(VEECO) solid source effusion cell; Sr was melted into a Ti crucible in an inert atmosphere 

prior to installation in the effusion cell. Ti was delivered via the metal-organic precursor, 

titanium (IV) tetra-isopropoxide (TTIP, 99.999% purity, Sigma-Aldrich). The TTIP delivery 

system consists of a bubbler containing liquid TTIP heated to 60 °C, from which vapor is 

delivered to a low-temperature gas source in the MBE growth chamber through stainless 

steel tubing (heated to ~100 °C to prevent condensation without thermally decomposing the 

precursor). The flux of the precursor is regulated by a linear leak valve with feedback from a 

Baratron capacitance manometer located forward of the valve. The beam-equivalent 

pressure of the precursor is measured by a beam-flux ion gauge (typically located on the 

sample manipulator opposite the sample block) and calibrated with respect to various 

delivery line pressures maintained by the valve-manometer feedback loop. TTIP/Sr beam-

equivalent pressure (BEP) ratios were adjusted by fixing the Sr BEP at 5 × 10-8 Torr and 

adjusting the TTIP BEP. 

Substrate temperatures were measured during growth using an Ircon Modline 3 optical 

pyrometer. Prior to the beginning of growth, substrates were subjected to a 20 min cleaning 

step at growth temperature in the growth chamber in an oxygen plasma delivered by an RF 

plasma source operating at 250 W and a pressure of 4 × 10-6 Torr measured at the beam-flux 

ionization gauge, which is facing away from the source. The same oxygen plasma conditions 

were maintained during growth as well as the post-growth cooldown until the substrate 

cooled below 400 °C. Film thicknesses varied between 60 and 100 nm as determined from 

RHEED intensity oscillations at the beginning of growth.  
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A Staib Instruments RHEED system operating in-situ with an accelerating voltage of 14 

kV was used to record RHEED images for each sample after the post-growth cooldown. It 

should be noted that the observed surface reconstructions do not change during cooldown. 

RHEED intensity was measured for the 00 and 10 reflections of SrTiO3 (001) at the 

beginning of growth. Ex-situ high-resolution XRD 2θ-ω on-axis scans of the films were 

performed in the vicinity of the 002 reflection of SrTiO3 using a Philips X’Pert Panalytical 

Pro Thin Film Diffractometer to determine the out-of-plane lattice parameters of the films. 

 

3.3 Evolution of the Surface Reconstruction Within the XRD Growth Window 

RHEED patterns captured along the [100] and [110] azimuths of samples grown at a 

substrate temperature of 810 °C are shown in Fig. 3.1. The observed patterns along each 

azimuth are four-fold symmetric for all samples in this study; no qualitative differences were 

found for 90° in-plane rotations. The samples represented in Fig. 3.1 all fall within the XRD 

growth window, except for the one grown at TTIP/Sr = 60.0, which is slightly Ti-rich. For 

the film grown at TTIP/Sr = 37.5, only integer-order reflections are observed, consistent 

with a (1 × 1) unreconstructed surface lattice. For a slightly increased TTIP flux, at TTIP/Sr 

= 39.5, ½-order reflections become apparent only along the <100> azimuths. Because of the 

four-fold symmetry of the patterns, this indicates that both (1 × 2) and (2 × 1) reconstructed 

surface lattice domains are present on the surface. As the TTIP flux is increased further, 

giving TTIP/Sr = 45.0, the ½-order reflections along the <100> azimuths persist (and are 

more pronounced), and ¼-order reflections are observed along the <110> azimuths. This 

pattern is indicative of a c(4 × 4) reconstructed surface lattice. The c(4 × 4) lattice persists 

even to slightly Ti-rich conditions (as shown for TTIP/Sr = 60.0, though dim ¼-order  
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Figure 3.1: RHEED images captured along the [100] and [110] azimuths of 
SrTiO3 thin films grown at various TTIP/Sr BEP ratios at a substrate temperature of 
810 °C. Adapted with permission from [98]. Copyright 2014, AIP Publishing LLC 
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reflections begin to appear along the <100> azimuths, accompanied by well-defined 

chevrons along the <110> azimuths. This pattern is consistent with the coexistence of c(4 × 

4) with mixed (1 × 4) and (4 × 1) domains similar to anatase TiO2 grown on SrTiO3 (001) 

[99]. 

The surface lattices observed in samples grown at 810 °C and 850 °C at various TTIP/Sr 

BEP ratios are plotted in Fig. 3.2 along with the measured out-of-plane lattice parameters at 

each growth condition. The growth window as defined by XRD film-substrate peak overlap 

is marked for both temperatures. The evolution of the surface lattice with TTIP/Sr BEP ratio 

at 850 °C is consistent with that described for samples grown at 810 °C. Surface 

reconstructions observed outside the XRD window are also labeled. The (2 × 1) surface 

reconstruction is labeled according to what is observed in the RHEED pattern and as such  

(2 × 1) surface lattices observed inside the XRD window are not distinguished from those 

observed outside the window. However, the implications for surface and bulk stoichiometry 

are different for each case, as will be discussed in the following sections. 

 

3.4 Surface Lattices Observed Outside the XRD Growth Window 

Before exploring the significance of the surface lattice evolution within the XRD 

window, it is helpful to compare the RHEED patterns observed outside the growth window 

with those observed by other researchers in the growth of SrTiO3 with solid-source MBE. 

Figure 3.3 shows RHEED patterns of hybrid MBE-grown SrTiO3 thin films exemplifying 

surface reconstructions observed in the Sr-rich and Ti-rich regimes. The (2 × 1) 

reconstructed lattice evidenced by ½-order reflections along the [100] azimuth in Fig. 3.3a 

has been previously associated with growth in the Ti-rich regime [60, 61]. This is consistent 
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Figure 3.2: Surface lattices observed by in-situ RHEED for SrTiO3 (001) thin films 
grown at 810 °C and 850 °C at various TTIP/Sr BEP ratios, along with the out-of-plane 
lattice parameters of each film measured by ex-situ XRD. The (2 × 1) label for surface 
reconstruction refers to a multi-domain (2 × 1) and (1 × 2) reconstructed surface. The 
horizontal dashed lines mark the lattice parameter of bulk, cubic SrTiO3 at room 
temperature. Adapted with permission from [98]. Copyright 2014, AIP Publishing LLC 

 

  



 

 51 

 

Figure 3.3: RHEED images captured along the [100] and [110] azimuths of SrTiO3 thin 
films grown (a) at a substrate temperature of 850 °C, TTIP/Sr = 100.0 (Ti-rich), and (b) 
at a substrate temperature of 810 °C, TTIP/Sr = 35.0 (Sr-rich). 
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with the growth conditions for this sample (850 °C, TTIP/Sr = 100.2, compare to Fig. 3.2), 

which place the sample outside the growth window into regime of Ti excess. The c(2 × 2) 

reconstructed lattice indicated by ½-order reflections along the [110] azimuth in Fig. 3.3b 

has been similarly associated with Sr excess in previous studies [60, 61] and is consistent 

with the growth conditions of the sample (810 °C, TTIP/Sr = 35.0, compare to Fig. 3.2). 

A (1 × 1) surface may also be observed in either regime of cation excess. In the Ti-rich 

regime, this is typically characterized by narrower streaks and a diffuse background, likely 

the result of amorphous TiOx forming on the surface [100]. In the Sr-rich regime, the 

background also becomes more diffuse, and the pattern along the [100] azimuth exhibits 

“bulging” in the first-order diffraction streaks (somewhat evident in Fig. 3.3b). Extreme 

cases of cation excess will lead to a spotty RHEED pattern resulting from the deposition of 

three-dimensional crystallites of SrO or TiO2 on the surface. 

Since the surface lattices observed by RHEED for hybrid MBE-grown SrTiO3 (001) thin 

films grown outside the growth window are consistent with what is observed for films 

grown by solid-source MBE, one can consider the evolution of the surface reconstruction 

within the growth window as a trend whose study is uniquely enabled by the hybrid MBE 

growth technique. It is also clear from Fig. 3.2 that XRD measurements of the lattice 

parameter within the growth window are ineffective in capturing the changing nature of the 

surface and potentially the bulk stoichiometry of the resulting films in this range of growth 

conditions. Therefore, the following sections will look to RHEED as a sensitive probe of the 

surface, and comparisons with the literature will inform the analysis of the trend in surface 

reconstructions. 
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3.5 Surface Reconstructions and Stoichiometry Inside the XRD Growth Window 

To better understand the changing nature of the surface of hybrid MBE-grown SrTiO3 

thin films, one may look to the literature for studies of surface reconstructions in bulk 

SrTiO3 single crystals. Multiple studies have investigated surface reconstructions on bulk 

SrTiO3 using scanning tunneling microscopy (STM) [101-103] low-energy electron 

diffraction (LEED) [102-104], and RHEED [105]. Unlike in MBE, where the surface has 

been observed to change depending on the relative flux of each constituent, changes in the 

surface reconstruction in bulk specimens were realized by annealing in vacuum, oxygen, or 

hydrogen [101, 103-106]. One study investigates changes in the surface reconstruction after 

deposition of fractional monolayers of Sr (from an effusion cell) and Ti (from an electron 

beam evaporator) onto bulk single-crystal SrTiO3 (001), followed by annealing [102].  

For SrTiO3 (001), which can be described with alternating SrO and TiO2 layers along the 

growth direction, a (1 × 1) surface was found to be indicative of a surface with 

approximately equal fractions of SrO and TiO2 termination. A multi-domain (2 × 1) and (1 × 

2) reconstructed lattice has been observed in both TiO2 saturated surfaces and mixed-

termination surfaces with a majority TiO2 termination. Higher order reconstructions, such as 

c(2 × 4), c(4 × 4), and c(2 × 6), consist of a Ti-O network on the surface exclusive to TiO2-

saturated surfaces. 

Comparing these results with the observed surface reconstructions in the growth 

window, the (1 × 1) surface regime at lower TTIP/Sr BEP ratios corresponds to a mixed 

termination surface that yields a film with bulk stoichiometry within the limit of XRD 

measurements. Increasing the relative TTIP flux results in a multi-domain (2 × 1) surface, 

where the reconstructed portions consist of expanding regions of TiO2 termination, though 
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the surface remains SrO-terminated in uniformly distributed areas. This is distinct from the 

(2 × 1) reconstruction in the Ti excess regime, in which the surface is completely TiO2-

saturated. A further increase in the relative flux of TTIP results in a c(4 × 4), indicative of a 

TiO2-saturated surface. As such, the crossover point from a multi-domain (2 × 1) to a c(4 × 

4) reconstructed surface represents the growth conditions under which sufficient TTIP is 

supplied to transition from a mixed termination surface to a purely TiO2-terminated surface. 

The shifting of this point to higher TTIP/Sr BEP values at higher temperature is consistent 

with the more rapid desorption of TTIP at higher temperatures. 

The crossover from a mixed surface termination to a purely TiO2-terminated surface can 

also be observed through a change in the RHEED intensity oscillations at the beginning of 

growth.  Figure 3.4 shows the RHEED intensity oscillations from the specular (i.e. 00) and 

10 diffracted beams measured for samples grown at 810 °C at various TTIP/Sr BEP ratios. 

For TTIP/Sr below the crossover point (42.5 < TTIP/Sr < 45), a phase shift in the 

oscillations of the specular intensity can be seen at approximately 5 oscillation periods after 

the beginning of growth, placing the 00 oscillations approximately π rad out-of-phase with 

the 10 oscillations. This phase shift is not observed above the crossover, where the 00 and 

10 oscillations remain approximately 0 to π/2 rad out of phase. This is the case even for 

growth conditions slightly outside of the growth window in the Ti-rich regime (TTIP/Sr = 

55.4). The origin of this phase shift is unknown, though it is possibly associated with the 

dynamics of boundaries between SrO-terminated and TiO2-terminated surface regions 

during the layer-by-layer growth of SrTiO3. This is consistent with the phase shift only 

occurring for oscillations in the 00 reflection, which contains information from surface 

features without lateral symmetry, such as steps and defects. Determining the exact origin of  
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Figure 3.4: RHEED intensity of the specular (00) and 10 diffracted beam taken along 
the [100] azimuth at the beginning of growth for samples grown at different TTIP/Sr 
BEP ratios (810 °C substrate temperature). Adapted with permission from [98]. 
Copyright 2014, AIP Publishing LLC 
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the phase shift lies beyond the scope of the study, but the correlation between changes in 

surface reconstruction and the RHEED intensity oscillations emphasize the significant 

variations in the surface stoichiometry within the XRD growth window. It should be noted 

that this analysis was limited to samples grown at 810 °C; samples grown at 850 °C either 

did not exhibit oscillations or exhibited oscillations that decayed within approximately 6 

oscillation periods, which is likely due to the onset of a step-flow growth mode at higher 

temperatures. 

  

3.6 Implications for the Adsorption-controlled Growth of SrTiO3 (001) 

The consistent trend described for surface reconstructions within the XRD-defined 

growth window indicates substantial variation in the surface stoichiometry (and the resulting 

bulk stoichiometry) of the growing thin films. Although the (1 × 1) growth regime results in 

a stoichiometric film insofar that the density of defects is sufficiently low to maintain film-

substrate XRD peak overlap, a significant portion of the surface is SrO-terminated. Since 

SrO has a low vapor pressure at the growth temperatures considered here, a mixed 

termination surface is likely to lead to the accumulation of cation-excess defects over time. 

The mixed termination surfaces suggest growth is taking place outside of an adsorption-

limited growth regime, where an overpressure of the more volatile constituent is supplied, 

ideally relying on desorption to regulate stoichiometry. The (1 × 1) regime for hybrid MBE 

is reminiscent of the RHEED patterns observed for SrTiO3 films grown by solid-source 

MBE under stoichiometric conditions (to the extent possible outside a growth window). This 

a reasonable indicator of stoichiometry if no adsorption-controlled regime exists and flux 
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must be controlled to give a 1:1 A:B cation ratio, resulting in a comparable ratio of surface 

terminations. 

The adsorption-controlled growth regime thus begins with conditions giving a c(4 × 4) 

reconstructed lattice, since a sufficient TTIP overpressure is supplied to maintain a TiO2-

saturated surface. Any adsorbed SrO will remain in the film, and enough of the TTIP 

precursor will impinge to fill any SrO-terminated sites. Any excess TTIP will desorb to 

maintain 1:1 A:B stoichiometry. Since the c(4 × 4) reconstructed lattice persists beyond the 

XRD window, optimal stoichiometry most likely lies at the overlap between the XRD 

window and the c(4 × 4) growth regime. Indeed, electron mobilities exceeding 50,000 

cm2V-1s-1 were recorded for La-doped SrTiO3 thin films grown in this regime (850 °C 

substrate temperature, TTIP/Sr = 75) [93]. 

  

3.7 Chapter Summary 

RHEED patterns from homoepitaxial SrTiO3 (001) thin films were shown to vary 

substantially within the XRD growth window. Changes in the surface reconstruction were 

correlated with changes in the surface stoichiometry. In particular, the evolution of the 

surface from (1 × 1) to multi-domain (2 × 1) to c(4 × 4) with an increasing relative TTIP 

flux corresponds to the evolution from a mixed termination surface (with approximately 

equal fractions of SrO and TiO2 termination) to increasing TiO2 coverage to a fully TiO2-

saturated surface.  The crossover from mixed termination to TiO2 saturation is marked by 

the transition from multi-domain (2 × 1) to c(4 × 4) reconstructed lattices. RHEED intensity 

oscillations observed at the beginning of growth exhibit a phase shift in the oscillations from 

the specular reflection for TTIP/Sr BEP ratios below the crossover point. A truly adsorption-
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controlled growth regime for stoichiometric SrTiO3 thin films is defined by the overlap of 

growth conditions giving a TiO2-saturated c(4 × 4) reconstructed lattice and growth 

conditions falling within the XRD growth window.  XRD therefore remains a powerful tool 

for the optimization of stoichiometry in SrTiO3, and in this chapter, in-situ characterization 

by RHEED has been shown to provide vital information about the nature of growth within 

the XRD window, which was not possible with solid-source MBE.  
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Chapter 4 
BaxSr1-xTiO3 Thin Films with Low Dielectric Loss Grown by 
Hybrid Molecular Beam Epitaxy 
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4.1 Introduction 

Chapter 3 discussed the evolution of the surface stoichiometry of SrTiO3 within the 

XRD growth window as observed by in-situ RHEED characterization. This allows for 

refinement of the film stoichiometry beyond the XRD-based stoichiometry optimization of 

prototypic hybrid MBE-grown SrTiO3 thin films introduced in Chapter 2. Though ultimately 

intended to aid in the MBE growth of high-mobility SrTiO3/SrTi1-xZrxO3 heterostructures, it 

is worth evaluating the effectiveness of RHEED and XRD characterization in optimizing the 

stoichiometry of related material systems. To this end, this chapter will discuss the hybrid 

MBE growth and dielectric characterization of stoichiometric BaxSr1-xTiO3 (BST), an 

electric field-tunable dielectric of considerable interest for microwave device applications 

[15]. 

BST is a ferroelectric perovskite oxide solid solution with end members BaTiO3, a 

ferroelectric at room temperature (TC = 393 K), and SrTiO3, an incipient ferroelectric. 

Intermediate compositions yield ferroelectrics with a Curie temperature that varies 

approximately linearly with composition [107]. The ferroelectric transition for each 

composition is accompanied by a peak in the dielectric permittivity. The composition of 

BST tunable dielectrics for devices operating at room temperature is typically chosen to give 

a TC somewhat below room temperature, so that the BST dielectric is operating near the 

peak permittivity in the paraelectric state. In this regime, the permittivity is highly dependent 

on the applied electric field, while dielectric losses remain minimal [15]. The reasons for 

this will be discussed in following sections describing the relevant performance metrics for 

tunable dielectrics, which will further inform and motivate the stoichiometry optimization of 

BST with hybrid MBE. 
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4.2 Figures of Merit for Tunable Dielectrics 

The interest in tunable dielectrics centers on the strong dependence of the permittivity on 

applied electric field in this class of materials. This property can be exploited for a number 

of microwave device applications that rely on variable capacitors, such as those involved in 

wireless communication. It is desirable to not only maximize electric-field tunability in these 

materials but to also minimize dielectric losses, which lead to deviations from ideal 

capacitor behavior. The following sections will describe these primary figures of merit, 

dielectric tunability and dielectric loss, as well as the factors that influence them. 

  

4.2.1 Tunability 

The dielectric tunability is the extent to which the relative permittivity of a dielectric 

material is suppressed in an applied electric field E. The tunability n may be quantified as: 

 n = !r (0)
!r (E)

                                                             (1) 

where εr(0) is the relative permittivity at zero applied bias and εr(E) is the relative 

permittivity at some arbitrary applied field. A tunable dielectric will exhibit n > 1, resulting 

in a nonlinear dependence of the electrical polarization on the electric field. The relative 

tunability nr is also sometimes used to quantify the suppression of the permittivity: 

nr =
!r (0)!!r (E)

!r (0)
=1! 1

n
                                               (2) 

From Landau theory, one finds that the tunability is strongly dependent on the zero-field 

tunability, εr(0). At low electric fields, the nonlinearity of the permittivity is weak, i.e. nr << 

1 and the polarization under DC bias PDC ≈	
 εr(0)ε0E, and the tunability can be expressed as: 
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 n !1+3! "r (0)"0( )
3
E 2                                                (3) 

where β is a coefficient left over from the Landau theory expansion of the Helmholtz free 

energy as a function of electrical polarization [15]. This illustrates the strong dependence of 

the tunability n on the zero-field permittivity, as well as the applied electric field.  This 

dependence remains strong even in the high-field limit, where n!!r (0)  [15]. 

The peak in εr(0) in the vicinity of the ferroelectric transition is closely tied to the 

dependence of the tunability on εr(0). The frequency of the transverse optical phonon mode, 

ωTO in SrTiO3 and BST, which governs the motion of the Ti cation within each TiO6 

octahedron and thus the polarizability of the material, approaches zero as the material is 

cooled near its Curie temperature. This “softening” of the phonon mode leads to an increase 

in εr(0), which has been found to depend on the ωTO according to: 

                                                           (4) 

where ε∞ is the permittivity at optical frequencies and ωLO is the frequency of the 

longitudinal optical phonon mode [108]. Tunability then arises from the dependence of ωTO 

on the applied electric field. At temperatures far above the Curie temperature, ωTO is only 

weakly dependent on applied electric field; however, near the ferroelectric transition, the 

application of an electric field leads to a substantial increase in ωTO, and the effect is more 

dramatic upon approaching the transition temperature (where ωTO is lowest at zero-field) 

[109]. The permittivity is thus increasingly tunable as it reaches a maximum near the 

ferroelectric transition. 

The above description of the physical mechanism for electric field-tunable permittivity is 

valid for ferroelectric perovskites in their paraelectric phase. It should be noted that the 

!r (0)
!
!

=
"LO
2

"TO
2
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permittivity is tunable in the ferroelectric phase as well. However, nearly all BST-based 

devices are operated in the paraelectric phase due to high dielectric losses suffered in the 

ferroelectric phase. Low dielectric loss is as vital as high tunability to the performance of 

devices utilizing tunable dielectrics, and as such, it will be discussed in the following section 

as part of the figure of merit. 

 

4.2.2 Dielectric Loss 

Dielectric loss can be generally described as the dissipation of electrical energy of an AC 

signal leading to a deviation from ideal capacitor behavior. The alternating current in an 

ideal capacitor (i.e. one that suffers no losses) leads the associated AC voltage by 90°. 

Dielectric loss will cause the voltage phase to shift by an angle δ toward the phase of the 

alternating current, and thus the non-ideal capacitor will exhibit resistive (dissipative) 

behavior to the extent determined by the deviation δ. The dielectric loss is typically 

quantified with tan δ, the loss tangent, or with the quality factor Q = [tan δ]-1. Q will be 

primarily used as a more convenient figure of merit for dielectric loss in most of the chapter. 

Various mechanisms may contribute to the dielectric loss in a tunable dielectric-based 

capacitor. These may arise from intrinsic interactions between AC signal quanta and thermal 

phonons or from extrinsic contributions by (charged) defects and polar regions (e.g. 

precursors to the ferroelectric phase). Device-related losses, such as DC leakage and 

electrode losses at high AC frequencies, are also major contributors, but since this chapter is 

primarily concerned with losses from the tunable dielectric itself, device-related losses will 

not be investigated in great detail. 
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Extrinsic loss mechanisms constitute the most significant source of dielectric loss in the 

majority of tunable dielectric systems [110, 111]. These extrinsic contributions to loss 

typically scale directly with permittivity, which results in a nearly universal inverse 

relationship between the quality factor and tunability. For example, polar regions in the 

ferroelectric phase can be shown to contribute to loss according to: 

tan!PR !!
4.5!d  ,                                                       (5) 

where d is the dimension of the polar defect (e.g. d = 0 for point defects, d = 1 for line 

defects, etc) [15]. The strong dependence of this loss mechanism, as well as the tunability, 

on permittivity motivates the design of devices with tunable dielectrics operating exclusively 

in the paraelectric phase, where the density of polar regions is minimal. Losses from charged 

point defects are also dependent on the permittivity, as well as the density of defects nd 

according to: 

tan!CD !"ndZ
2  ,                                                     (6) 

where Z is the effective charge of the defect [15]. Effectively mitigating this loss mechanism 

by reducing nd motivates the growth of tunable dielectrics by MBE to be discussed in this 

chapter. 

Intrinsic loss mechanisms also warrant some discussion in order to understand the limits 

of the quality factor in the absence of extrinsic loss contributions. The 3-quantum and 4-

quantum mechanisms involve the absorption of AC signal quanta by thermal phonons. Both 

contribute to the loss proportional to the permittivity [15], so even with reduced extrinsic 

contributions, an inverse relationship between the tunability and quality factor are expected 

to remain. In contrast, the quasi-Debye [112, 113] intrinsic loss mechanism contributes to 

loss inversely with the permittivity. This mechanism is active in non-centrosymmetric 



 

 65 

crystals and can also be induced when the application of DC bias breaks the inversion 

symmetry of a centrosymmetric crystal. The acoustic phonon distribution is then shifted 

from its equilibrium state by an AC signal. The Debye-like relaxation of the phonon 

distribution leads to the dissipation of the AC signal, resulting in loss. It can be shown that:  

tan!QD !nr                                                         (7) 

Comparing with Eq. (2), this indicates that as the permittivity is suppressed in an applied 

field, the associated loss will increase, unlike most other loss mechanisms. As such, 

observation of this behavior has been attributed to a cross-over from extrinsically dominated 

loss to intrinsically dominated loss [114]. 

 

4.2.3 Thin Films and Bulk Specimens 

The growth of thin-film tunable dielectrics is motivated by the prospect of improved 

integration with semiconductors and by lower operating voltages. However, the tunability 

and quality factor of thin-film tunable dielectrics are almost universally lower than in 

polycrystalline or single-crystal bulk specimens [110, 111, 115, 116]. This has been 

attributed to a number of factors, mainly focusing on higher defect densities resulting from 

poor stoichiometry control and high-energy thin film deposition processes, such as 

sputtering, which is commonly used for the growth of BST thin films. Electrode/dielectric 

interfaces also negatively impact the tunability by forming a “dead layer,” an interfacial 

region that comprises a more significant fraction of the dielectric in thin films than in bulk 

specimens. 

The dielectric dead layer constitutes a low-permittivity region in a dielectric that 

originates at the interface with the electrodes. Interfacial defects, such as trapped charge at 
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the electrode-dielectric junction [117], may lead to polarization of the dielectric in the dead 

layer, reducing the permittivity of the layer relative to the interior of the film by locally 

hardening the transverse optical phonon (soft) mode that is responsible for the high 

permittivity and tunability of ferroelectric perovskite oxides [118]. This effectively places a 

low capacitance in series with the higher-permittivity tunable dielectric, lowering the 

effective overall permittivity of the device, which negatively impacts the tunability of the 

film and may also contribute to loss.  

Growth of thin film tunable dielectrics by MBE, which enables growth with low defect 

densities and high interface quality, is therefore expected to result in improved dielectric 

performance. Hybrid MBE in particular is credited with enhanced electron mobility in 

SrTiO3 thin films, with values exceeding those of bulk specimens [92]. The remainder of 

this chapter will focus on the growth of BST thin films by the hybrid MBE approach to 

achieve self-regulating A:B stoichiometry in this tunable dielectric material system. The 

figures of merit described above will be used to evaluate the effectiveness of the 

stoichiometry optimization methods detailed in Chapters 2 and 3.  

 

4.3 Experimental Details 

BST thin films were grown using the same hybrid MBE configuration described in 

Chapter 3. Ba (99.99%, Sigma-Aldrich) was supplied via a low-temperature solid-source 

effusion cell. All films were grown at a substrate temperature of 750 °C as read by 

thermocouple (730 °C by optical pyrometer). The Ba/Sr ratio was varied by adjusting the Sr 

BEP and Ba cell temperature; the Ba BEP could not be accurately determined due to 

incompatibility with the beam flux ionization gauge. Reported compositions were 
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determined from Rutherford Backscattering Spectrometry measurements of 300 nm thick 

BST films on epitaxial Pt/SrTiO3 (001) (see below). With the Ba and Sr fluxes thus fixed, 

the TTIP/(Ba+Sr) ratio was varied by adjusting the TTIP BEP. Additional oxygen was 

supplied for all growths by an RF plasma source operating at 250 W and a background 

pressure of 4 × 10-6 Torr measured at the beam flux ionization gauge. The growth conditions 

were first optimized with growth on SrTiO3 (001) single-crystal substrates. RHEED patterns 

(14 kV accelerating voltage) along the [100] and [110] azimuths for each film were captured 

with a Staib RHEED system after post-growth cooldown, and the out-of-plane lattice 

parameter of these films was measured by XRD 2θ-ω scans (Philips X’PERT Panalytical 

MRD Pro Thin Film Diffractometer) in the vicinity of the SrTiO3 002 reflection. Atomic 

force microscopy (AFM) images were captured using an Asylum MFP3D scanning probe 

microscope operating in tapping mode. 

For the dielectric characterization of BST films in this study, parallel-plate capacitor 

structures with Pt top and bottom electrodes were fabricated. Pt bottom electrodes were 

grown epitaxially (with a cube-on-cube orientation) on SrTiO3 (001) single crystal substrates 

to a thickness of 100 nm by DC magnetron sputtering at a substrate temperature of 825 °C 

and an Ar sputter gas pressure of 10 mTorr. These Pt films were then annealed in 1 atm 

oxygen at 1000 °C for 10 min. BST films (300 nm thick) were then grown on the bottom 

electrodes by hybrid MBE using conditions optimized on bare SrTiO3 substrates. Prior to 

growth, samples were heated from 200 °C to 750 °C (growth temperature) in oxygen plasma 

running under the same conditions as during growth. Post-growth, samples were cooled 

below 400 °C under an oxygen plasma.  
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Parallel-plate capacitor mesas and Pt top electrodes were then patterned using a two-step 

mask photolithographic process. The capacitor mesa was first defined by wet etching in 1:20 

diluted trace-metal grade HF. Pt top electrodes (100 nm thick, 45 × 45 µm2) deposited by 

electron-beam evaporation were then patterned by a lift-off process. These devices were 

then annealed in 1 atm of oxygen at 800 °C for 20 min. The dielectric properties of the 

devices were extracted from capacitance-voltage (C-V) measurements (courtesy of Evgeny 

Mikheev) performed with a Cascade Microtech probe station, along with GGB 100-µm GSG 

probes and an HP 4294 A impedance analyzer. A 500 mV oscillation voltage (~0.02 MV/cm 

for the given film thicknesses) was used for measurements versus frequency and versus DC 

bias. 

 

4.4 Stoichiometry Optimization of BST Grown on SrTiO3 (001) 

The optimization of growth conditions for 1:1 A:B stoichiometry in hybrid MBE-grown 

BST thin films followed a strategy similar to that introduced in Chapter 2 and elaborated 

upon in Chapter 3 for SrTiO3. That is, the TTIP/(Ba + Sr) ratio was varied by adjusting the 

TTIP BEP to give a minimum out-of-plane lattice parameter (measured by ex-situ XRD) in 

the BST films. This was then juxtaposed with RHEED patterns taken after growth to 

determine the conditions with optimal stoichiometry. Central to this analysis is the 

assumption that any observed lattice expansion as a function of TTIP BEP is due only to 

A:B off-stoichiometry, and not due to changes in the alloy composition (beyond those 

arising from typical fluctuations in the flux of any given source). Given the low vapor 

pressure of BaO and SrO at the growth temperatures considered and given the stability of 

alkaline earth solid sources for a fixed oxygen background [86], it is reasonable to assume 
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that the relative incorporation of Ba and Sr into the film does not change appreciably as the 

TTIP BEP is varied. Assuming that similar defect mechanisms are active for 

accommodating A:B off-stoichiometry in BST as in pure SrTiO3, lattice expansion can thus 

be attributed to these defect mechanisms in off-stoichiometric growth conditions, rather than 

changes in alloy composition. 

Figure 4.1 shows the out-of-plane lattice parameters for Ba0.1Sr0.9TiO3 thin films grown 

on SrTiO3 (001) single crystal substrates at various TTIP BEP. The TTIP BEP is shown 

rather than the TTIP/(Ba + Sr) BEP ratio due to ambiguity in the Ba BEP, which could not 

be measured with the beam flux ionization gauge. However, fixing the Sr BEP and Ba cell 

temperature gives consistent, reproducible results. Varying the TTIP BEP with the Ba and Sr 

fluxes thus fixed gives a minimum in the out-of-plane lattice parameter. This minimum 

value is consistent with that expected for BST of the same composition coherently strained 

to SrTiO3 (001).  

The range of growth conditions spanning the apparent minimum in the lattice parameter 

is comparatively narrow, as expected for the growth temperature (750 °C), which is near the 

onset of the desorption-limited regime of TTIP. The XRD growth window may also appear 

narrow compared to SrTiO3 due to the fact that even at the minimum, the XRD 002 peak for 

BST does not overlap with that of the SrTiO3 (001) substrate. As such, film peak shifts near 

the minimum are not masked by overlap with the substrate peak. 

Tracking the RHEED patterns in Fig. 4.1 yields a similar result as that found in Chapter 

3 for homoepitaxial SrTiO3 (001). Near the minimum in the Ti-poor regime, one observes a 

pattern indicative of a (2 × 1) mixed-termination surface due to incomplete TiO2 saturation. 

At the minimum, a pattern indicative of a c(4 × 4) reconstructured lattice is 
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Figure 4.1: Out-of-plane lattice parameters of 60 nm Ba0.1Sr0.9TiO3 thin films grown on 
SrTiO3 (001) at various TTIP BEP. RHEED patterns taken along the [100] and [110] 
azimuths after growth are shown for samples at select growth conditions. 
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observed, consistent with optimal stoichiometry in an adsorption-controlled growth regime 

where enough TTIP is supplied to achieve a pure TiO2 surface termination. Supplying 

additional TTIP brings the growth into a Ti-rich regime, resulting in a RHEED pattern 

indicative of a Ti-rich (2 × 1) surface. Therefore, it seems that for a relatively low Ba 

content, the trend in out-of-plane lattice parameter and the associated trend in the RHEED 

pattern is similar to that observed in SrTiO3. 

Figure 4.2 shows the out-of-plane lattice parameters for Ba0.46Sr0.54TiO3 thin films 

grown on SrTiO3 (001) at various TTIP BEP values. Similar to the lattice parameters of 

Ba0.1Sr0.9TiO3 thin films, the lattice parameters of Ba0.46Sr0.54TiO3 thin films exhibit a 

minimum value as a function of TTIP BEP. The minimum lattice parameter is also similarly 

consistent with the expected value for a film of that composition coherently strained to 

SrTiO3 (001). The position of the lattice parameter minimum (~1.45 × 10-6 Torr) for this 

composition is lower than that for Ba0.1Sr0.9TiO3 most likely due to a lower overall A-cation 

flux rather than due to a substantial difference in the dynamics of adsorption-controlled 

growth at this composition. 

The trend in the observed RHEED pattern differs somewhat from the trend observed at 

lower Ba content and in pure SrTiO3. A (1 × 1) surface lattice is observed for growth 

conditions away from the minimum lattice parameter value. A c(4 × 4) reconstructed lattice 

is not observed for any of the growth conditions explored at this composition. Instead, a 

multi-domain (2 × 1) surface is observed throughout the range of growth conditions in the 

vicinity of the lattice parameter minimum. It is possible that at intermediate compositions, 

the c(4 × 4) surface reconstruction is no longer energetically favored, and as such it cannot 

be used to determine the conditions giving a purely TiO2-terminated surface. Although 
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Figure 4.2: Out-of-plane lattice parameters of 60 nm Ba0.5Sr0.5TiO3 thin films grown on 
SrTiO3 (001) at various TTIP BEP. RHEED patterns taken along the [100] and [110] 
azimuths after growth are shown for samples at select growth conditions. 
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Ba0.46Sr0.54TiO3 retains the same bulk lattice as SrTiO3 (space group Pm3m), the increased 

Ba substitution disrupts the formation of a c(4 × 4) surface lattice by changing the energetics 

at the surface. 

RHEED intensity oscillations were observed for all growth conditions featured in Figs. 1 

and 2, indicating a layer-by-layer growth mode for all BST films explored in this study. 

Similar to the case for SrTiO3 films investigated in Chapter 3, a phase shift can be observed 

for oscillations of the intensity of the specular (00) reflection of Ba0.1Sr0.9TiO3 after ~4 

oscillation periods (see Fig. 4.3a), placing the intensity oscillations from the 00 reflection 

approximately π rad out of phase with oscillations from the 10 diffracted beam.  This phase 

shift is observed for TTIP BEP’s of 1.49 × 10-6 Torr and 1.75 × 10-6 Torr, placing the 

growth within the Ti-poor regime (compare to Fig. 4.1). The 00 and 10 reflection intensity 

oscillations remain ~π/2 rad out of phase and do not exhibit a phase shift for growth 

conditions giving a minimum lattice parameter or conditions falling within the Ti-rich 

growth regime, consistent with observations presented in Chapter 3 for the growth of 

SrTiO3. In contrast, the RHEED intensity of 00 and 10 reflections from Ba0.46Sr0.54TiO3 

films do not exhibit this phase shift under Ti poor conditions within approximately 6 

monolayers from the beginning of growth (see Fig. 4.3b as a representative example).  A 

phase shift may occur after additional oscillation periods, though it is also possible the phase 

shift may not be observed at higher Ba substitutions, where the introduction of disorder 

through heavy alloying may disrupt whatever mechanism is involved with the observed 

phase shift. This is reasonable given the significant effect of high Ba substitution on 

observed surface reconstructions. Additional studies at higher substrate temperatures, where  
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Figure 4.3: RHEED intensity oscillations of the specular (00) and 10 diffracted beams 
taken along the [100] azimuth at the beginning of growth for (a) Ba0.1Sr0.9TiO3 grown 
with a TTIP BEP of 1.49 × 10-6 Torr and (b) Ba0.46Sr0.54TiO3 grown with a TTIP BEP of 
1.26 × 10-6 Torr. 
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the growth window is expected to widen, is warranted to investigate this trend further for 

various BST compositions. 

It has been shown that the XRD stoichiometry optimization approach appears to be valid 

even for heteroepitaxial BST grown on SrTiO3, up to relatively high Ba substitution (46% 

Ba). RHEED also remains a reliable tool for tracking the surface and bulk stoichiometry of 

BST thin films, though it is less informative with increasing Ba content. To quantify the 

effectiveness of these stoichiometry optimization methods, the dielectric properties of these 

films need to be measured. Dielectric characterization of BST films on bare SrTiO3 would 

necessitate a coplanar, inter-digitated capacitor device geometry, which requires 

complicated analysis to extract dielectric data, confounded further by the large permittivity 

of SrTiO3 single crystal substrates. Therefore, the following section will discuss the growth 

of BST on an epitaxial Pt /SrTiO3 (001) as a means to construct parallel plate capacitor 

structures for dielectric characterization. 

 

4.5 BST Growth on Pt/SrTiO3 

Figure 4.4a shows a 5 × 5 µm2 ex-situ AFM height scan micrograph obtained from a 100 

nm epitaxial Pt (001) film on SrTiO3 (001) after annealing in 1 atm oxygen for 10 min at 

1000 °C. A cross-hatched pattern on a fairly smooth (380 pm RMS) surface is consistent 

with previous studies [119]. The in-situ RHEED pattern shown in Fig. 4.4b was captured 

along the [110] azimuth of the same film at a substrate temperature of 750 °C in oxygen 

plasma. The streaks indicate an atomically smooth surface, consistent with the AFM 

micrograph, while the bright spots indicate the presence of some 3-dimensional features on 
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the surface. The 1/5th-order reflections observed along the [110] azimuth are consistent with 

previous RHEED studies of Pt (001) surfaces [120]. 

 BST films were grown on epitaxial Pt bottom electrodes using growth conditions 

optimized for minimum lattice parameter and/or c(4 × 4)  surface reconstruction. No 

RHEED oscillations were observed for BST films grown on Pt/SrTiO3, most likely due to 

the textured nature of the growing films (see below). Figure 4.5a shows a representative 

RHEED pattern captured along the [100] azimuth of a 300 nm BST film on Pt/SrTiO3 after 

the post-growth cooldown. The diffraction patterns along [100] and [110] azimuths are 

qualitatively indistinguishable. The patterns consist of both streaks and spots, indicating 

interaction of the RHEED beam with both atomically smooth surfaces as well as 3-

dimensional features. The spacing of the streaks also suggests a textured film in which 

(001)-oriented grains are rotated 45° relative to one another, effectively giving a RHEED 

pattern along [100] and [110] azimuths of different grains simultaneously. Because of this 

convolution of images from multiple grains, the surface reconstructions observed in BST on 

SrTiO3 are not seen here, though they may form locally on each (001)-oriented grain. 

 Figure 4.5b shows a 5 × 5 µm2 ex-situ AFM micrograph obtained from the same 300 

nm BST film discussed above. Rod-like and triangular features (20-50 nm in height) are 

visible among a comparatively smooth surface (1.50 nm RMS). This is consistent with the 

RHEED pattern indicating both a smooth surface and 3-dimensional features. RHEED and 

AFM indicate a textured microstructure in BST films grown on epitaxial Pt, which is 

confirmed by wide-angle XRD 2θ-ω scans. Bragg peaks corresponding to (110)- and (111)-

oriented grains of either Pt, BST, or both can be seen in the inset of Fig. 4.6. The relative 

intensities of the 110 and 111 peaks vary for each sample without any apparent trend based  
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Figure 4.4: (a) Typical AFM height image (5 × 5 µm2) of 100 nm epitaxial Pt film on 
SrTiO3 (001) after annealing in oxygen and (b) RHEED pattern captured along the [110] 
azimuth of an epitaxial Pt/SrTiO3 (001) film heated to 750 °C in oxygen plasma. 

 

 

Figure 4.5: (a) RHEED pattern taken along the [100] azimuth of a ~300 nm 
Ba0.35Sr0.65TiO3 thin film after growth on an epitaxial Pt/SrTiO3 (001) bottom electrode 
and (b) a typical 5 × 5 µm2 ex-situ AFM height image (60 nm scale) captured from the 
same film. 
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on BST film stoichiometry or composition, and as such they are probably dependent on 

variations in the Pt bottom electrodes. The rod-like structures observed in AFM are 

associated with the (110)-oriented grains, while the triangular features are associated with 

(111)-oriented grains. These shapes are the result of faceting of these grains to achieve a 

(001) free surface, which is the lowest-energy surface for BST. 

High-resolution XRD 2θ-ω scans in the vicinity of the 002 peak of SrTiO3 (see Fig. 4.6) 

show 002 Bragg peaks from the SrTiO3 (001) substrate, the epitaxial Pt (001) film, and the 

(001)-oriented grains of BST. The Laue oscillation period corresponds to a film thickness of 

approximately 100 nm; they can therefore be attributed to the epitaxial Pt bottom electrode. 

The Laue oscillations are also observed in Pt/SrTiO3 (001) fillms before growth and indicate 

both high structural quality and interface quality in the Pt film after growth as well. The shift 

in the BST 002 peak with composition is consistent with lattice expansion with increasing 

Ba substitution. Off-axis measurements of the 103 and 101 Bragg peak positions for (001)-

oriented BST grains give in-plane lattice parameters that are within 0.05% of the out-of-

plane lattice parameters for respective compositions, indicating that the (001)-oriented 

grains are relaxed. 

Structural characterization of polycrystalline, relaxed BST films on epitaxial Pt/SrTiO3 

(001) reveals substantial differences with single-crystal, coherently strained films grown 

directly on SrTiO3 (001). This may complicate comparison of the growth optimization in the 

previous section with the resulting dielectric properties of films grown for parallel plate 

capacitor structures described in this section. It is worth noting that dielectric properties may 

vary substantially along different crystallographic directions, as it is relevant for 

polycrystalline BST films. We note, however, that (001)-oriented BST 
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Figure 4.6: XRD 2θ-ω spectra in the vicinity of the 002 reflection of SrTiO3 for 
BaxSr1-xTiO3/Pt/SrTiO3 structures with x = 0.19, 0.35, and 0.46.  The inset shows a wide-
angle 2θ-ω scan for the sample with x = 0.19. Reprinted with permission from [121]. 
Copyright 2012, AIP Publishing LLC 
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comprises the majority phase for these films, with comparable fractions of grains with other 

orientations among films with different growth conditions and compositions. A comparison 

of the dielectric properties of these samples therefore remains valid. The following section 

will present the dielectric properties of parallel plate capacitors based on these BST thin 

films to enable this comparison and thus evaluate the effectiveness of the stoichiometry 

optimization approach described previously. 

 

4.6 Dielectric Characterization 

The author would first like to acknowledge Evgeny Mikheev for diligently and 

conscientiously collecting the dielectric data to be presented in this section, allowing the 

author the privilege of adapting it for the evaluation of the growth technique. In section 4.4, 

it was assumed that a minimum lattice parameter in XRD and/or a c(4 × 4) surface 

reconstruction in films grown on SrTiO3 indicated growth conditions that give optimal film 

stoichiometry. To test this hypothesis, Ba0.1Sr0.9TiO3 films were grown on Pt bottom 

electrodes with different TTIP BEP’s, corresponding to conditions falling within the Ti-poor 

(1.70 × 10-6 Torr), stoichiometric (1.77 × 10-6 Torr), and Ti-rich regimes (1.89 × 10-6 Torr), 

based on data presented in Fig. 4.1. The frequency-averaged (105-106 Hz, the frequency 

regime in which only the BST loss is measured, see below) quality factor (Qav) and relative 

permittivity (εr) of each sample are presented in Table 4.1.  Clearly, the growth condition 

corresponding to films with a minimum lattice parameter and c(4 × 4) surface reconstruction 

suffers the lowest losses (highest Qav). Deviation from the stoichiometric condition in either 

regime of off-stoichiometry leads to a substantial drop in the quality factor, most likely due 

to the incorporation of defects from non-stoichiometry. All three films in Table 4.1 have  
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Table 4.1: Frequency-averaged quality factor Qav and relative permittivity εr of parallel 
plate capacitors with Ba0.1Sr0.9TiO3 films grown at various values of TTIP BEP, selected 
for comparison with growth conditions presented in Fig. 4.1. 
 

TTIP BEP 
(× 10-6 Torr) 

Qav εr 

1.70 790 420 
1.77 2290 410 
1.89 1090 430 

 

 

similar values of εr, as is expected for BST films of the same composition. Therefore, 

varying the TTIP BEP appears to affect the A:B stoichiometry substantially without a 

significant effect on the extent of Ba substitution. This strongly supports the hypothesis that 

the lattice parameter and surface reconstruction can be used to evaluate and optimize the 

bulk stoichiometry of BST thin films. 

Figure 4.7 shows Q and εr for BST films with 19%, 35%, and 46% Ba substitution as a 

function of frequency. The films have frequency-averaged (105-106 Hz) quality factors, Qav, 

of 4350, 1130, and 140, respectively. As expected, εr increases while Q decreases with 

increasing Ba content, due to the increasing contribution of multiple loss mechanisms at 

higher values of εr described in previous sections. A lower Q for the films with x = 0.19 and 

0.35 at frequencies below ~104 Hz can be attributed to losses from DC leakage [122]. 

Values of Q measured at frequencies above 104 Hz are primarily determined by the loss 

from the BST film [122]. The film with x = 0.19 exhibits sharp peaks in Q versus frequency, 

which are reproducible and observed on other instruments. Other hybrid MBE-grown BST 

films with Q > 1000 have exhibited these peaks as well, though their origin remains unclear. 

The substantially lower Q observed for the film with x = 0.46 can be attributed to the 
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Figure 4.7: Relative permittivity εr and quality factor Q as a function of frequency for 
parallel plate capacitors with BaxSr1-xTiO3 films with compositions x = 0.19, 0.35, and 
0.46.  The values of permittivity were extracted from measured capacitances and film 
thicknesses measured with a Dektak Profilometer. Reprinted with permission from [121]. 
Copyright 2012, AIP Publishing LLC 
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formation of ferroelectric domains in BST films with higher Ba content. A slight hysteresis 

in capacitance-voltage measurements of this sample also suggests that this is the case. 

Although the ferroelectric transition occurs below room temperature for BST bulk 

specimens at this composition, the ferroelectric transition in thin films tends to be shifted to 

higher temperatures as compared to bulk specimens. 

The relative permittivity and tunability of these films is shown as a function of applied 

electric field E in Fig. 4.8a. The tunability clearly increases with increasing zero-field 

permittivity, and the permittivity approaches similar values for all films at high fields, 

consistent with the discussion in section 4.2. Figure 4.8b presents Q plotted against E for 

each film. For the films with x = 0.19 and 0.35, the Q is highest at zero field and decreases 

with increasing field at low E. This is consistent with loss being dominated by quasi-Debye 

loss, which contributes more loss as εr is suppressed. In contrast, the Q for the film with x = 

0.46 initially increases with increasing field, which suggests that an extrinsic mechanism, 

most likely from ferroelectric polar regions, is contributing loss proportional to the 

permittivity. Therefore, as the permittivity is suppressed, the loss contribution from polar 

regions is reduced initially. All films exhibit a further decrease in Q at high fields, which can 

be attributed to the onset of soft dielectric breakdown. 

The behavior for Q versus applied field at x = 0.46 for hybrid MBE-grown BST is 

typical of higher loss films of any composition in the literature. When extrinsic factors 

dominate the dielectric loss, an initial increase in Q is expected to result from suppression of 

loss mechanisms with decreased permittivity. Hybrid MBE-grown films at x = 0.19 and 0.35 

are exceptional in that the decrease in Q with applied field indicates that loss is dominated 

by the intrinsic quasi-Debye mechanism. Therefore, the stoichiometry optimization allowed 
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Figure 4.8: (a) Permittivity versus applied field (at 1 MHz) for parallel plate capacitors 
with BaxSr1-xTiO3 films with compositions x = 0.19, 0.35, and 0.46. Plots of n(E) for each 
device are shown in the inset. The electric field dependence of (b) Q and (c) the CQF see 
Eq. (8)) for each device. Reprinted with permission from [121]. Copyright 2012, AIP 
Publishing LLC 
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by the hybrid MBE approach allows for a drastic reduction in defects contributing to 

extrinsic loss, further validating the approach as a method to obtain superior A:B cation 

stoichiometry. 

Comparison of Q values for hybrid MBE-grown BST films with values from the 

literature are shown in Fig. 4.9a. The values of Q for hybrid MBE-grown films exceed those 

of films grown by other methods as well as bulk ceramics and single crystals, though they 

are still clearly subject to the universal inverse relationship between Q and permittivity (and 

thus tunability). The unprecedented values for Q even for polycrystalline MBE-grown films 

suggests that the dielectric loss was mitigated primarily by the reduction of point defects in 

the interior of the film, and that extended defects, such as grain boundaries between grains 

of different orientations and dislocations at low-angle grain boundaries between (001)-

oriented grains, contribute much less to the overall dielectric loss. Comparison of bulk 

polycrystalline ceramics with bulk single crystals also attests to the relatively innocuous 

effect of extended defects on the dielectric loss. 

Figure 4.9b shows a comparison of the relative permittivity of samples in this study with 

thin films and bulk specimens in the literature. The permittivity of hybrid MBE-grown BST 

thin films is greater than that of thin films at similar compositions, instead tracking closely 

with that of polycrystalline bulk ceramics. This bulk-like behavior suggests minimal 

contributions from a dielectric dead layer. The high permittivity relative to other thin films 

also suggests a relatively low charged defect density within the interior of the film, since 

charged defects are expected to lower the permittivity by effectively introducing a space-

charge layer [123]. The permittivity thus acts as an additional figure of merit suggesting 

superior stoichiometry in MBE-grown BST films. 
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Figure 4.9: (a) Quality factor Q versus Ba composition x for BST samples from this study 
(Mikheev et al. [121]) and thin films (by sputtering and PLD), bulk ceramics and single 
crystals from the literature. Reprinted with permission from [121]. Copyright 2012, AIP 
Publishing LLC. (b) Comparison of permittivity of BST samples in this study with BST 
thin film and bulk specimens in the literature. Data was obtained from Lanagan [124], 
Alexandru et al. [125], Krupka et al. [126], Bethe [127], Pervez et al. [110], Im et al. [115], 
Zhang et al. [115] and Vorobiev et al. [111]. 
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It is worth noting that the increase in Q for hybrid MBE-grown films does not come at 

the expense of high tunability. The commutation quality factor (CQF) [128] is a figure of 

merit that is well-suited for the purpose of evaluating the combination of low loss and 

tunability in a tunable dielectric: 

CQF =
n(E)!1( )

2

n(E)
Q(E)Q(0)                                              (8) 

where Q(E) is the quality factor at some applied field E and Q(0) is the quality factor at zero 

field. The CQF of films with x = 0.19, 0.35, and 0.46 are shown in Fig. 4.8c. The maximum 

values for each are 1 × 106, 5 × 105, and 5 × 104, respectively. By comparison, typical values 

in the literature range from 101-104 [129]. These values from the literature are reported for a 

wide range of frequencies, up to 1 GHz, whereas the values from the study in this chapter 

are reported for a frequency of 1 MHz. Due to the dominance of electrode-related losses at 

higher frequencies [122], extracting the losses arising exclusively from the BST films 

presented in this chapter is difficult beyond 1 MHz. However, the Q factor from BST has 

been found to be largely independent of frequency between 1 MHz and 1 GHz [130]. As 

such, the comparison made here remains valid. 

 

4.7 Chapter Summary 

In this chapter, the stoichiometry optimization approach described in Chapters 2 and 3 

was applied to the hybrid MBE growth of BST thin films. The observed trend in the lattice 

parameter of BST films grown on SrTiO3 (001) substrates was found to be similar to that 

observed in homoepitaxial SrTiO3 thin films, where the lattice parameter was a minimized 

under growth conditions giving optimal stoichiometry. This trend in the lattice parameter 
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was accompanied by a similar trend in the RHEED pattern, where a transition from a mixed 

termination, multi-domain (2 × 1) surface to a TiO2-saturated c(4 × 4) to TiO2-excess, multi-

domain (2 × 1) surface was observed with increasing TTIP BEP for Ba0.1Sr0.9TiO3. At higher 

Ba content, for Ba0.46Sr0.54TiO3, the c(4 × 4) surface was no longer observed, instead the 

surface transitions from (1 × 1) to multi-domain (2 × 1) to (1 × 1) for Ti-poor, 

stoichiometric, and Ti-rich conditions, respectively. 

The growth of BST films on epitaxial Pt/SrTiO3 (001) bottom electrodes was 

investigated for the purpose of constructing parallel plate capacitors for dielectric 

characterization. Measurements of the dielectric properties of these capacitor structures 

reveal Q factors that exceed those in thin films grown by PLD or sputtering by an order of 

magnitude and even exceed Q factors of bulk ceramics and single crystals. This is attributed 

to a significant reduction in extrinsic defects in the films resulting in significantly lower 

dielectric loss. The behavior of Q versus applied field E for films with lower Ba content 

suggests that the intrinsic quasi-Debye mechanism dominates dielectric loss in these films. 

Large Q factors in combination with high tunabilities in hybrid MBE-grown BST was 

shown to result in commutation quality factors that exceed any reported in the literature. The 

observations reported here collectively indicate that stoichiometry optimization with 

RHEED and XRD as described in Chapters 2 and 3 is valid for the growth of tunable BST 

films approaching the intrinsic limits of performance.  
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Chapter 5 
Growth and Electrical Transport Characterization of 
SrTi1-xZrxO3 Thin Films and Heterostructures 
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5.1 Introduction 

Having established the validity of the stoichiometry optimization approach developed in 

Chapter 3 by applying it to the tunable dielectric BaxSr1-xTiO3 (as discussed in Chapter 4), 

the next step in realizing a modulation-doped SrTiO3 heterostructure lies in the development 

of the doped barrier layer. As discussed in Chapter 1, SrTi1-xZrxO3 (STZO) stands as the 

primary candidate material for this function. This chapter will therefore present the results of 

the hybrid MBE growth of SrTi1-xZrxO3 using a metal-organic precursor for both Ti and Zr. 

Electrical transport in La:STZO and La:STZO/SrTiO3 heterostructures will be discussed, 

with particular attention to Shubnikov-de Haas analysis. Portions of the work presented in 

this Chapter are published in [131]. 

 

5.2 Experimental Details 

Heterostructures of SrTiO3 and STZO were grown by hybrid MBE. SrTiO3 layers were 

grown using the approach described in Chapter 3. Zr was supplied for the growth of STZO 

layers via the metal-organic precursor zirconium tert-butoxide (ZTB, 99.999% purity, 

Sigma-Aldrich). STZO films were grown by co-evaporating ZTB and TTIP metal-organic 

precursors, along with Sr from a solid-source effusion cell, in an RF oxygen plasma 

operating at 250 W in a background pressure of 4 × 10-6 Torr. The ZTB delivery system was 

set up similarly to the TTIP delivery system described in Section 3.2. A substrate 

temperature of 900 °C, as measured by thermocouple (820 °C as measured by optical 

pyrometer), was used for all growths. The composition of STZO, x, was adjusted by 

adjusting the ZTB/B (BEP) ratio, where B (BEP) is the sum of TTIP BEP and ZTB BEP 

(i.e. the total B-cation precursor BEP). The composition was then determined by XRD and 
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RBS for various growth conditions. A:B cation stoichiometry (A = Sr) was then optimized 

by fixing ZTB/B (BEP) and adjusting the Sr BEP to achieve varying B/A (BEP) ratios. La 

dopants were supplied via a solid-source effusion cell, and dopant concentrations were 

calibrated by Hall measurements of La:SrTiO3, in which a 1:1 correlation between La 

dopant concentration and charge carrier concentration was demonstrated previously [92]. A 

series of SrZrO3 films was also grown by fixing the Sr BEP and adjusting the ZTB BEP. 

Growth was monitored in-situ with RHEED as described previously in Chapters 3 and 4. Ex-

situ XRD measurements were performed similarly to the studies described in Chapters 3 and 

4.  

Structures intended for electrical transport measurements were post-growth annealed in 

1 atm oxygen at 800 °C for 30 s in a rapid thermal annealing furnace to backfill oxygen 

vacancies and thus ensure oxygen stoichiometry. Ohmic contacts (40nm-Al/20nm-

Ni/400nm-Au) were then deposited in a van der Pauw geometry (contacts on each corner of 

10 × 10 × 0.5 mm3) samples by electron beam evaporation through a shadow mask. The 

longitudinal resistance (Rxx) and Hall resistance (Rxy, for magnetic fields of -1 T < B < 1 T) 

of these samples were measured from 300 K to 2 K in a Physical Properties Measurement 

System (PPMS, Quantum Design, Inc.) using the system’s DC resistivity option (10 µA 

excitation current). Magnetoresistance measurements of select samples were performed in a 

He3 cryostage at temperatures ranging from 0.45 K to 3 K using a standard AC lock-in 

technique for B up to 14 T. Magnetoresistance measurements were also performed at various 

angles θ, defined here as the angle between the magnetic field B and the sample surface 

normal (θ = 0° indicates that the magnetic field B is perpendicular to the sample surface), 

using a horizontal sample rotator stage. 
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5.3 Growth of STZO 

 Figure 5.1 shows the out-of-plane lattice parameters of ~65 nm thick STZO thin 

films grown at various B/A BEP ratios for a fixed ZTB/B (BEP) = 0.25. The lattice 

parameter of the STZO system explored here behaves differently from that of SrTiO3 and 

BaxSr1-xTiO3 films discussed in Chapters 3 and 4. Namely, in this system, the minimum 

lattice parameter does not correspond to stoichiometric growth conditions. The B/A (BEP) 

value marking the B-rich boundary is approximated from RBS data shown in Table I. All 

films in Table I exhibit some amount of B cation excess (i.e. (Zr + Ti)/Sr > 1), which 

increases with increasing B/A (BEP), as expected. The measured Zr incorporation (i.e. 

Zr/(Zr + Ti)) gives a film composition of x ≈ 0.15, which does not vary substantially (within 

the limits of RBS measurements) for different values of B/A (BEP), which is similar to 

reports on the growth of III-V solid solutions using multiple volatile precursors and various 

V/III flux ratios [132]. The approximate boundary of the A-rich growth regime is marked in 

Fig. 5.1 according to a combination of XRD and RHEED analysis to be discussed in some 

detail below. 

 Figure 5.2 presents the RHEED patterns obtained after post-growth cooldown for 

samples grown at various B/A (BEP) ratios. For B/A (BEP) = 47.0, nodes appearing on the 

first-order reflections along both [100] and [110] azimuths, along with dim ½-order 

reflections appearing in the pattern taken along the [110] azimuth (characteristic of a c(2 × 

2) surface reconstruction), are consistent with observations from SrTiO3 and BaxSr1-xTiO3 

thin films grown under A-cation-rich conditions. Increasing the B/A (BEP) ratio to 50.4 

results in smooth streaks in the RHEED pattern and ½-order reflections observed along the 

[100] azimuth, indicating a multi-domain (2 × 1) surface reconstruction. This clear, abrupt 
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Figure 5.1: Out-of-plane lattice parameter of STZO films grown at a fixed ZTB/B 
(BEP) = 0.25 for various B/A (BEP) ratios. A-rich and B-rich growth regimes are 
shown with the approximate range of the stoichiometric growth regime shaded light-
blue. The A-rich boundary was determined from RHEED and XRD analysis, whereas 
the B-rich boundary was determined by RBS analysis (see Table 4.1). 

 
 
Table 5.1:  B/A (BEP) ratio and corresponding Zr/(Zr + Ti) and (Zr + Ti)/Sr composition 
determined by Rutherford backscattering spectrometry (data collection courtesy of Dr. 
Leszek Wielunski, Rutgers University and analysis courtesy of Dr. Adam J. Hauser, 
University of California, Santa Barbara) for select STZO films grown at a ZTB/B (BEP) 
ratio of 0.25. 

B/A (BEP) (Zr + Ti)/Sr Zr/(Zr + Ti) 

58 1.03 0.146 

69.0 1.20 0.152 

78.1 1.36 0.152 
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Figure 5.2: RHEED patterns captured after post-growth cooldown along 
the [100] and [110] azimuths of STZO films (ZTB/B (BEP) = 0.25) grown 
at various B/A (BEP) ratios. 
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shift from c(2 × 2) to (2 × 1) surface reconstruction suggests a possible shift from A-rich to 

stoichiometric growth conditions for B/A (BEP) between 47.0 and 50.4. The multi-domain 

(2 × 1) surface reconstruction persists up to B/A (BEP) = 69.0. Further increases in B/A 

result in the disappearance of the ½-order reflections along the [100] azimuth, giving a 

pattern consistent with a (1 × 1) surface (as shown for B/A (BEP) = 78.1). The RHEED 

pattern obtained for B/A (BEP) = 78.1 also exhibits a diffuse background reminiscent of 

SrTiO3 thin films grown under conditions of extreme Ti excess.  

Unlike in the hybrid MBE growth SrTiO3 thin films, no c(4 × 4) surface reconstruction 

is observed in the RHEED pattern for any value of B/A (BEP) explored here. This may be 

the result of ZrO2-terminated surface sites disrupting this particular reconstruction, which is 

characterized by an ordered TiO2 network on pure SrTiO3 [101]. As discussed in Chapter 3 

for the growth of SrTiO3, the multi-domain (2 × 1) surface reconstruction can be associated 

with either mixed SrO/TiO2 termination within the growth window or with a purely TiO2-

terminated surface in a Ti-rich regime. Therefore, in the case of STZO, it is not clear from 

the trend in RHEED patterns alone whether the change in the surface lattice from (2 × 1) to 

(1 × 1) indicates a shift from stoichiometric conditions to B-rich conditions or whether this 

change is occurring entirely within the B-rich regime. The RBS data presented in Table I 

suggests the latter case. 

Figure 5.3 shows the RHEED intensity from the specular (00) and 10 reflections along 

the [100] azimuth at the beginning of growth for STZO thin films with a ZTB/B (BEP) ratio 

of 0.25. Oscillations in the intensity suggest a layer-by-layer growth mode at the beginning 

of growth for all growth conditions explored here, even those at either extreme of cation 

excess. Similar to SrTiO3 grown at lower TTIP/Sr (BEP) ratios within the XRD growth  
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Figure 5.3: RHEED intensity from the specular (i.e. 00) and 10 reflections 
taken along the [100] azimuth of STZO films (ZTB/B (BEP) = 0.25) at the 
beginning of growth at various B/A (BEP) ratios. 
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window, growth of STZO in the A-rich regime leads to a shift or disruption of the RHEED 

intensity oscillations from the 00 reflection after ~5 oscillation periods, while oscillations 

from the 10 reflection remain unperturbed. For B/A (BEP) = 50.4 and above, there are no 

obvious changes in the observed RHEED intensity up to B/A (BEP) = 78.1, where the 

intensity oscillations from the 10 reflection may arguably decay more quickly than at lower 

B/A (BEP), possibly due to a substantial increase in the incorporation of excess B-cation 

species. For the purpose of A:B stoichiometry optimization, RHEED intensity oscillations 

may therefore allow for distinguishing A-rich growth conditions from stoichiometric and B-

rich growth conditions. As is the case for SrTiO3 growth, the shift from stoichiometric to B-

rich growth conditions is not as apparent from RHEED intensity oscillations alone. 

Figure 5.4 shows high-resolution XRD 2θ-ω spectra measured in the vicinity of the 

SrTiO3 002 reflection for select STZO films from the same series presented in Fig. 5.1. For 

B/A (BEP) values that fall within the stoichiometric and even much of the B-rich growth 

regime, the STZO 004 film peak exhibits clearly defined thickness fringes, indicative of a 

smooth film of high structural quality. Only in the regime of extreme B-cation-excess (B/A 

(BEP) = 78.1) are the peak fringes noticeably disrupted in the vicinity of the film peak. 

Again, an abrupt shift is apparent from A-rich growth conditions (B/A (BEP) = 47.0) to 

nominally stoichiometric growth conditions. The spectrum presented for B/A (BEP) = 47.0 

shows a STZO 004 peak that is accompanied by two additional peaks that may be associated 

with members of the Ruddlesden-Popper series of indeterminate order and Zr content. This 

markedly different structure in the A-rich regime probed by XRD is consistent with the 

change in the observed surface reconstructions by RHEED from A-rich to nominally 

stoichiometric conditions. 
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Figure 5.4: High-resolution XRD 2θ-ω scans in the vicinity of the SrTiO3 002 
substrate peak for ~65 nm thick STZO films (ZTB/B (BEP) = 0.25) grown at 
various B/A (BEP) ratios. 
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It is worth noting that no apparent qualitative change in the XRD spectrum is observed 

when transitioning from stoichiometric to B-rich growth regimes. Even for B/A (BEP) = 

69.0, which is well within the B-rich growth regime (~20% B-cation excess as measured by 

RBS), the STZO 004 film peak still exhibits well-defined thickness fringes, suggesting that 

the cation excess is accommodated so as to not substantially disrupt the STZO film 

structure. In the case of BaxSr1-xTiO3, excess Ti was shown [100] to be accommodated by 

the formation of amorphous TiOx phases. For the STZO films investigated here, amorphous 

BOx phases, with B being some combination of Ti and Zr, may similarly form to 

accommodate the B-cation excess. Depending on the distribution of these amorphous 

phases, the crystalline portion of the STZO film may remain highly ordered with smooth 

surfaces and interfaces, and the amorphous phases may have a negligible effect on the 

measured XRD spectrum. This may not hold true for sufficiently high B-cation excess, as is 

suggested by the XRD spectrum measured for B/A (BEP) = 78.1. 

Comparing the above observation with the decrease in the lattice parameter observed in 

Fig. 5.1 for increasing B/A (BEP) gives additional clues into the nature of STZO growth in 

the B-cation-excess regime. Reciprocal space map (RSM) measurements indicate that films 

in this regime up to B/A (BEP) = 69.0 are coherently strained to the substrate, so the 

decrease in lattice parameter does not appear to be due to the films becoming progressively 

more relaxed with increasing B/A (BEP). Instead, it is possible that with increasing B/A 

(BEP), more Zr is preferentially rejected into the amorphous phase, resulting in a crystalline 

phase with lower Zr content (and thus lower lattice parameter) that is still coherently 

strained to the substrate. It is then possible that the overall Zr incorporation into the film 

does not appear to change according to RBS, even if the incorporation into the crystalline 
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phase does change. Furthermore, the incorporation of an alloying element in the growth of 

III-V semiconductor thin films by gas-source MBE has been shown to change depending on 

strain in a pseudomorphic film [133], which may also be relevant here. For instance, 

accomodating the B-cation excess with equal fractions of Ti and Zr in both crystalline and 

amorphous phases would likely lead to greater strain due to lattice expansion from B-cation 

excess (as is the case for SrTiO3), which would change the preferred distribution of Zr and 

Ti in both phases. As a result, with increasing B-cation excess (higher B/A (BEP)), relatively 

higher amounts of Zr might be preferentially rejected into the amorphous phase to 

accommodate the strain in the crystalline phase from B-cation excess. Further investigation 

on the distribution of Zr and Ti in the film grown under these conditions would be needed to 

determine how accurately this describes the system, but within the scope of this study, it 

suffices to say that alloying with a volatile precursor may complicate investigations into 

growth of STZO compared to alloying with a second solid source, as was the case for 

BaxSr1-xTiO3 (see Chapter 4). 

To summarize the findings on the growth of STZO, it has so far been shown that the 

transition from A-rich growth conditions to nominally stoichiometric growth conditions can 

be easily discerned with XRD and RHEED. The transition from stoichiometric to B-rich 

growth conditions is much less apparent; it can only be readily discerned from 

measurements of the chemical composition (RBS in this case). Considering the somewhat 

cumbersome nature of obtaining and analyzing RBS data, A:B stoichiometry optimization 

can be more readily effected by using the A-rich growth regime as a reference, with 

sufficient care taken to not grow too far into B-cation excess. For the purpose of doping and 
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transport studies to be discussed in subsequent sections, A:B stoichiometry was optimized to 

the extent possible based on the above analysis. 

 

5.4 Growth of SrZrO3 

Prior to discussing the electrical properties of La:STZO thin films and heterostructures, 

the growth of SrZrO3 will be briefly discussed in this section. Because of the large lattice 

mismatch between SrZrO3 and SrTiO3 (~5%), only very thin films (~10 nm or thinner) are 

practical for the growth of high-quality heterostructures for transport. The critical thickness 

of SrZrO3 on SrTiO3 was not investigated here. Because the XRD-based approach used for 

the optimization of SrTiO3, BaxSr1-xTiO3, and STZO discussed previously is of more limited 

utility for such thin films, this section will thus only focus on trends observed in RHEED. 

Figure 5.5 shows RHEED patterns taken along the [100] and [110] azimuths of ~10 nm 

SrZrO3 thin films grown at various ZTB/Sr (BEP) ratios on SrTiO3 (001) substrates. The 

RHEED pattern for the film grown at ZTB/Sr (BEP) = 113.4 exhibits a (1 × 1) surface 

lattice with bulging in the first-order reflections along the [100] azimuth, characteristics 

reminiscent of Sr-rich SrTiO3. Increasing the ZTB BEP to give ZTB/Sr (BEP) = 118.0 

results in a RHEED pattern with ½-order reflections along both [100] and [110] azimuths, 

which suggests a (2 × 2) surface reconstruction. Increasing the ZTB/Sr (BEP) ratio further to 

125.5 results in a (1 × 1) surface. Spotty features visible from films grown at ZTB/Sr (BEP) 

= 118.0 and 125.5 may be related to some combination of relaxation-related defects and/or 

the nucleation of ZrO2 crystallites on the surface. This latter point is consistent with the 

features being more exaggerated at higher ZTB/Sr (BEP) ratios for films with nominally the 

same thickness. 
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Figure 5.5: RHEED patterns obtained along the [100] and [110] azimuths of ~10 nm 
SrZrO3 thin films grown on SrTiO3 (001) substrates at various ZTB/Sr (BEP) ratios. 
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Figure 5.6 shows the RHEED intensity oscillations taken from the specular (00) and 10 

reflections along the [100] azimuth at the beginning of growth for SrZrO3 films grown at 

various ZTB/Sr (BEP) ratios. For the 10 reflection at ZTB/Sr (BEP) = 113.4, ~6 RHEED 

intensity oscillation periods are completed before the oscillations are extinguished; these 

oscillations are accompanied by a hump in the background intensity for the 00 and 10 

reflections. At ZTB/Sr (BEP) = 118.0, the oscillations from the 10 reflection persist for the 

entirety of the growth (~23 oscillation periods), and the transient increase in the background 

intensity observed at ZTB/Sr (BEP) = 113.4 is not observed at the beginning of growth for 

ZTB/Sr (BEP) = 118.0. Increasing ZTB/Sr (BEP) to 125.5 results in oscillations that decay 

rapidly, extinguishing within ~10 oscillation periods. Again, no transient increase in the 

background intensity is observed at ZTB/Sr (BEP) = 125.5. This behavior suggests that 

ZTB/Sr (BEP) ratios of 113.4 and 125.5 fall within Sr-rich and Zr-rich growth regimes, 

respectively, where the accumulation of defects from excess of the respective cation disrupts 

the layer-by-layer growth, thus extinguishing the intensity oscillations. The hump in 

background intensity observed at ZTB/Sr (BEP) = 113.4 (as well as lower ZTB/Sr, though 

not shown here) can thus be associated with growth of SrZrO3 in the Sr-rich regime. 

Although a phase shift in the oscillations from the 00 reflection occurs for ZTB/Sr (BEP) = 

118.0 so as to place the 00 and 10 intensity oscillations ~π rad out of phase with one another 

(associated with growth in Sr-rich conditions, see Chapter 3), the persistence of the intensity 

oscillations suggests that this BEP ratio is close to stoichiometric growth conditions for 

SrZrO3 on SrTiO3 (001). 

Based on the observed trend in the RHEED patterns and reflection intensities measured 

at the beginning of growth, one may place the stoichiometric growth conditions for SrZrO3  
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Figure 5.6: RHEED intensity from the specular (00) and 10 reflections taken along 
the [100] azimuth of SrZrO3 films during growth at various ZTB/Sr (BEP) ratios. 
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between ZTB/Sr (BEP) = 113.4 and 125.5 at substrate temperature and oxygen background 

given in Section 5.2. In addition, a (2 × 2) surface reconstruction is associated here with 

films grown under nominally stoichiometric conditions. Growth of SrZrO3 thin films both 

with and without oxygen background and growth on (LaAlO3)0.3(Sr2AlTaO6)0.7 (LSAT) 

(001) substrates both show similar results, though more detailed studies will be left for 

future work.  

 

5.5 Electron doping and Transport in La:STZO and SrTiO3/La:STZO 

Following the growth optimization study described in Section 5.3, electron doping with 

La was attempted for films with ZTB/B (BEP) = 0.25 at various B/A (BEP), using the 

following structure: SrTiO3 substrate/ 20 nm STZO/ 65 nm La:STZO (nLa ~ 2 × 1020 cm-3). 

All samples (ranging from B/A (BEP) = 53 to 69.0) were insulating, with room temperature 

resistivity greater than the measurement limit of both the PPMS resistivity option and 

standard multimeters. There are many possible factors that may prevent these STZO films 

from being amenable to electron doping, such as defects or perhaps the shifting of the 

conduction band relative to the La dopant level, which would prevent dopant ionization. 

SrZrO3 is a trivial insulator with a very large band gap and no known shallow donor 

impurity species [134], so it is reasonable to expect that STZO may also act as an insulator 

with sufficiently high Zr content.  

STZO films were only successfully doped once ZTB/B (BEP) was reduced to 0.13 or 

below, corresponding to ~5% Zr substitution or lower. To investigate transport in STZO 

alone, prior to interfacing with SrTiO3, structures with the configuration shown in Fig. 5.7d 

were grown. The 25 nm undoped STZO spacer was included to minimize charge transfer 
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into the SrTiO3 substrate. The temperature dependence of the sheet resistance (RS), 3D 

charge carrier Hall density (n3D), and electron Hall mobility (µ) of two such samples, each 

grown at a different ZTB/B (BEP), is shown in Figs. 5.7a, 5.7b, and 5.7c, respectively. The 

carrier densities of 2 × 1020 cm-3 and 1 × 1020 cm-3 in these structures grown at ZTB/B 

(BEP) = 0.07 and 0.13, respectively, are commensurate with values expected for La doping 

calibrations performed with homoepitaxial SrTiO3. It should be noted that for this structure, 

lower doping concentrations and off-stoichiometric growth results in insulating films whose 

Hall coefficient (and thus Hall mobility) could not be determined.  

For both samples, RS decreases with decreasing temperature down to ~100 K, below 

which the RS either remains constant for ZTB/B (BEP) = 0.07 or begins increasing with 

decreasing temperature for ZTB/B (BEP) = 0.13 (see Fig. 5.7a). The flattening of RS for 

ZTB/B (BEP) = 0.07 is expected when ionized impurity scattering dominates at lower 

temperatures [135]. This same mechanism is likely contributing to transport in the structure 

grown at ZTB/B (BEP) = 0.13 as well, though some other mechanism, perhaps related to the 

SrTiO3 structural transition at ~110 K, may be causing the change in the temperature 

dependence of RS below at ~100 K. For ZTB/B (BEP) = 0.13, this change from metallic to 

insulating behavior in RS is also accompanied by a decrease in the apparent charge carrier 

density with decreasing temperature for the same temperature range (see Fig. 5.7b). This 

change in carrier density does not give a linear relationship in ln(n3D) versus T-1, which 

would suggest charge carrier trapping by defects or carrier freeze-out in this structure. As 

such, the behavior of RS and n3D with temperature, shown here, is not yet well understood. 

That being said, the values of µ at 2 K for both samples is at least an order of magnitude 
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Figure 5.7: (a) Sheet resistance, RS, (b) 3D charge carrier Hall density, n3D = 
1/(eRHtSTZO), where tSTZO is the La:STZO layer thickness, and (c) Hall mobility, µ, 
determined as a function of temperature for La:STZO thin film heterostructures grown at 
different ZTB/B (BEP) and described schematically in (d). The value of n3D measured at 
T = 300 K for each sample is consistent with the expected value from La doping 
calibrations in SrTiO3. 
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lower than in SrTiO3 for comparable doping densities [93], most likely due to alloy 

scattering from the substituted Zr. 

Following a brief study of electronic transport in thick La:STZO films, modulation 

doped structures were grown with the configuration shown in Fig. 5.8. The STZO 

composition of ~5% was achieved with ZTB/B (BEP) = 0.13 and was determined by XRD. 

A band diagram was drawn for the structure shown in Fig. 5.8 based on the energy of the 

conduction band edge, valence band edge, and Fermi level calculated using a 1D Poisson 

solver [136]. For STZO with x = 0.05, a conduction band offset, ΔEC, of 95 meV was 

estimated by Vegard’s law. The La:STZO layer in the structures discussed below have a 

dopant concentration of ~2 × 1019 cm-3, which is the lower limit of doping that results in a 

conductive film. For this particular configuration, a 2DEG is predicted to reside at the 

interface. La:STZO layers of the same dopant density with a thickness below 30 nm or 

lower dopant density in 30 nm La:STZO layers on SrTiO3 resulted in insulating films, most 

likely due in large part to surface depletion. It should be noted that conductive 

heterostructures could be realized at a lower dopant density when La:STZO is directly 

interfaced with SrTiO3, compared to structures like that shown in Fig. 5.7d.  This may be 

due to the charge carrier trapping in undoped STZO layers or partial relaxation in thicker 

STZO films, though a conclusive explanation remains elusive. 

The temperature dependence of RS, n3D, and µ of modulation doped structures “MA” and 

“MB” are shown in Figs. 5.9a, 5.9b, and 5.9c, respectively. The 3D density n3D is presented 

here rather than the 2D density for the purpose of comparison with thicker La:STZO. MA 

and MB are structures with La:STZO layers grown under similar growth conditions: B/A 

(BEP) = 52.3 for MA and B/A (BEP) = 53.2 for MB, all other parameters being equal. A 
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Figure 5.8: Schematic of a modulation doped SrTiO3/La:SrTi0.95Zr0.05O3 (La:STZO) 
heterostructure, along with the corresponding band diagram. The position of the 
conduction band edge (EC) relative to the Fermi level (Ef) and the corresponding 
carrier density were calculated using a 1D Poisson solver [136]. The conduction band 
offset between La:STZO and SrTiO3 was estimated using the experimentally-
determined SrZrO3-SrTiO3 conduction band offset [42] and assuming a Vegard’s law 
dependence with Zr content. For the calculation, a dopant density of 2 × 1019 cm-3 
was assumed for La:STZO, and a surface pinning potential of 0.1 eV was used. A 
residual donor-type defect density of 1016 cm-3 was assumed for SrTiO3, which is 
consistent with previous doping studies. Adapted with permission from [131]. 
Copyright 2013, AIP Publishing LLC. 
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Figure 5.9: (a) Sheet resistance, RS, (b) 3D charge carrier Hall density, n3D = 1/(eRHtSTZO), where 
tSTZO is the La:STZO layer thickness, and (c) Hall mobility, µ, determined as a function of 
temperature for modulation doped heterostructures “MA” and “MB”, which were grown with the 
structure schematically described in Fig. 5.8. MA and MB differ only by the growth conditions of the 
La:STZO layer: B/A (BEP) = 52.3 for MA and B/A (BEP) = 53.2 for MB. Sample “A” is the same 
sample presented for ZTB/B (BEP) = 0.13 in Fig. 5.7 and is included here for comparison. 
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sample grown at B/A (BEP) = 51.1 showed similar transport behavior and mobility as 

sample MB, and any such structures grown at B/A (BEP) < 51.1 and B/A (BEP) > 53.2 were 

insulating. Transport data for sample “A” is the same as that shown for ZTB/B (BEP) = 0.13 

in Fig. 5.7 and is included in Fig. 5.9 for comparison. 

Despite similar growth conditions, samples MA and MB exhibit significant differences 

in transport behavior. Although both heterostructures show relatively constant RS versus 

temperature below 10 K, MB shows a hump in RS just below 100 K, whereas MA does not. 

MB also exhibits a Hall mobility at 2 K that is ~4 times greater than that of MA. However, 

both exhibit a drop in the apparent carrier density upon cooling from 300 K to 2 K: a 45% 

decrease for MA and a 75% decrease for MB. This apparent change in the carrier density is 

most likely due to multi-carrier conduction and the different temperature dependencies of 

the mobilities of different carrier types, which can alter the measured Hall coefficient near 

zero-field so as to lower the apparent carrier density [4]. Multi-carrier conduction is 

expected for this system as shown in Fig. 5.8, where higher mobility charge carriers at the 

SrTiO3 side of the interface conduct in parallel with residual carriers in the La:STZO. 

Comparing MA and MB to sample A already suggests an increase in mobility from 

charge transfer into the undoped SrTiO3 buffer. Although it may be difficult to compare 

sample A to samples MA and MB due to differing 3D densities, it is still informative to 

compare them using uniformly-doped La:SrTiO3 as a reference. For example, the 2 K Hall 

mobilities of MA and MB are approximately 2-3 orders of magnitude greater than that of 

sample A. A comparable change in the carrier density from ~1 × 1020 cm-3 to ~2 × 1019 cm-3 

in uniformly-doped La:SrTiO3 results in only 1 order of magnitude increase in the low-

temperature mobility [93]. As such, some of the improvement in mobility may be due to a 
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lower 3D density, but that does not account for the additional 1 or 2 orders of magnitude 

increases in mobility comparing the sample configuration of A to MA and MB. 

This analysis alone does not conclusively confirm the formation of a 2DEG in SrTiO3 by 

modulation doping. To do this requires the analysis of the angle-dependence of Shubnikov-

de Haas oscillations, which will be discussed in the subsequent section. It should be noted 

that while sample MB exhibits Shubnikov-de Haas oscillations at temperatures below 3 K, 

sample MA does not (to magnetic fields as high as B = 14 T). It is not clear why these 

samples exhibit such significant differences in transport behavior despite very similar 

growth conditions. It is possible that the optimal growth conditions for this type of 

heterostructure fall within a narrow range of B/A (BEP); deviations from the ideal conditions 

result in lower mobilities or insulating films depending on the extent of deviation from 

cation stoichiometry. Whatever the case may be, the electronic structure of MB will be 

investigated with Shubnikov-de Haas analysis in the following section. 

 

5.6 Shubnikov-de Haas Analysis of SrTiO3/La:STZO 

Figure 5.10 shows the longitudinal magnetoresistance for sample MB, with the structure 

sketched schematically in Fig. 5.8, at temperatures ranging from 0.45 K to 3 K. Oscillations 

in Rxx are observed for temperatures of 3 K and below; at 0.45 K, oscillations become 

visible for B > 5 T. The observation of magnetoresistance oscillations in this structure is 

itself a strong indication of charge transfer into the undoped SrTiO3 layer, since the mobility 

in the La:STZO layer has been shown in previous sections to be too low to resolve 

magnetoresistance oscillations as a result of alloy scattering. Oscillations are also not 
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observed in La:SrTiO3 with comparable dopant densities due to scattering from ionized 

dopants.  

To extract more information about the electronic structure, the magnetoresistance 

background was subtracted using multiple polynomial fits, yielding the oscillatory 

component of the magnetoresistance, ΔRxx. Figure 5.11a shows ΔRxx versus 1/B for this 

sample measured at 0.45 K. A fast-Fourier transform (FFT) of this data is presented in the 

inset, with multiple peaks indicating the presence of multiple oscillating components. These 

oscillating components may arise from either multiple subbands (and their harmonics) or 

from spin splitting of fewer subbands. More detailed analysis of the electronic structure 

from this data will be discussed below. 

Figure 5.11b shows ΔRxx measured for this sample at 2 K at multiple tilt angles θ, 

plotted against the inverse perpendicular component of the magnetic field, (Bcosθ)-1. For tilt 

angles up to 60°, minima and maxima in ΔRxx coincide for the same values of (Bcosθ)-1. 

This is an unambiguous indicator of the 2D nature of the electronic structure. It suggests a 

2D density of states confined to the plane of the interface whose corresponding Landau level 

spacing and degeneracy depend only on the component of the magnetic field perpendicular 

to the interface due to the restriction of out-of-plane cyclotronic motion. Based on the 2D 

nature of this system and the low mobility of charge carriers in STZO, one can conclude that 

a 2DEG has been formed in SrTiO3 by modulation doping. 

As discussed in Chapter 1, many important properties of the electronic structure can be 

extracted from Shubnikov de-Haas oscillations. For oscillations arising from a 2DEG with a 

single electronic subband, the decay in the amplitude of the oscillations with temperature 

depends on the effective mass of the carriers. Similarly, using a Dingle plot to track the 
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Figure 5.10: Longitudinal magnetoresistance (Rxx) measured from sample MB (see 
Figs. 5.8 and 5.9) at temperatures between 0.45 K and 3 K. Adapted with permission 
from [131]. Copyright 2013, AIP Publishing LLC. 
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Figure 5.11: (a) Shubnikov-de Haas oscillations, ΔRxx(1/B), extracted from the 
longitudinal magnetoresistance measured in sample MB (see Figs. 5.8 and 5.9) at 0.45 
K. A Fourier transform of this data along with the approximate positions of the peaks is 
shown in the inset. (b) ΔRxx measured at 2 K and plotted against the inverse of the 
component of the magnetic field B that is perpendicular to the interface, [Bcos(θ)]-1, for 
various tilt angles θ. Adapted with permission from [131]. Copyright 2013, AIP 
Publishing LLC. 
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decrease in oscillation amplitude with inverse field yields the Dingle temperature (TD, 

related to the quantum scattering time τq). In this system, where oscillations appear to arise 

from multiple subbands (which may be spin-split), extracting values based on changes in 

oscillation amplitude is impractical; oscillating components from multiple subbands with 

different effective masses and scattering rates may contribute to the total amplitude at any 

field. Instead, the data is fit to Eq. (1.3). 

The following sections will explore the fitting of Shubnikov-de Haas oscillations to Eq. 

(1.3), or variations thereof, adapted for oscillations arising from varying numbers of 

subbands. The parameters in the equation are adjusted to reproduce the qualitative features 

and amplitudes of experimentally measured ΔRxx at 0.45-3 K (see Fig. 5.12). Specifically a 

two-subband model (with first and second harmonic terms), a two-spin-split subband model, 

and four-subband model will be evaluated against the experimental data. The FFT spectra of 

the calculated ΔRxx are also compared to that obtained from the experimental data (see inset 

of Fig. 5.11a). 

 

5.6.1 Two-subband, Two-harmonic Model 

The experimental data was fit to two-subband model with first and second harmonic 

terms, similar to Eq. (1.3):  
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where i is the subband index, m is the number of occupied subbands (m = 2 in this case), s is 

the order of the harmonic, Ai are amplitude factors associated with intrasubband scattering 

probabilities, kB is the Boltzmann constant, TD,i is the Dingle temperature of each subband, 

 is the reduced Planck’s constant, ωc is the cyclotron frequency, fi are the oscillation !
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Figure 5.12: Shubnikov-de Haas oscillations, ΔRxx(1/B), extracted from the longitudinal 
magnetoresistance measured in sample MB (see Figs. 5.8 and 5.9) at temperatures 
between 0.45 K and 3 K. Adapted with permission from [131]. Copyright 2013, AIP 
Publishing LLC. 
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 frequencies (in 1/B), and X = 2!2kBT( ) !!c( ) . The parameters extracted from this model are 

presented in Table 5.2. The calculated ΔRxx(1/B)  and its corresponding FFT spectrum are 

presented in Figs. 5.13a and 5.13b, respectively. 

The values extracted for charge carrier mass are consistent with what is expected for 

dxy-derived subbands in SrTiO3 [137-140]. The combined sheet carrier densities of the two 

subbands do not account for the carrier density extracted from room-temperature Hall 

measurements (ns,H = 4.46 × 1013 cm-2), but this can be reasonably attributed to parallel 

conduction of the remaining low-mobility carriers in the La:STZO layer. The ΔRxx(1/B) 

calculated with these parameters also qualitatively matches that of the experiment to a 

reasonable extent, although discrepancies remain, especially at low B fields. However, the 

FFT spectrum of the calculated ΔRxx(1/B) contains only 2 discernible peaks, which is 

markedly simpler than the experimentally determined FFT. As such, the two-subband model 

with first and second harmonics does not adequately describe the observed data. 

 

5.6.2 Two Spin-split Subband Model 

A two spin-split subband model was also explored by fitting to the equation: 
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which is similar to Eq. (1.3) with the exception of the added Zeeman term, 

Zs = cos(s
!
4
m*
me

g*) , where m* is the effective mass, me is the electron rest mass, and g* is 

the Landé g factor. The above equation is only valid when the magnetic field B is oriented 

parallel to the sample surface normal, which is consistent with the experiment described 

here. The parameters extracted from fitting are presented in Table 5.3. The calculated  
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Figure 5.13: (a) Shubnikov-de Haas oscillations, ΔRxx(1/B), calculated using Eq. 
(5.1), m = 2, with the parameters listed in Table 5.2, and (b) the corresponding 
Fourier transform of the data, with peak positions labeled. 
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Table 5.2:  Parameters extracted from fits of the experimental Shubnikov-de Haas 
oscillations measured at 0.45 K to a two-subband model including first and second harmonic 
terms [Eq. (5.1), m = 2].  The sheet carrier densities (ns), quantum scattering times (τq), and 
quantum mobilities (µq) extracted from the fits are shown for each subband.  The effective 
mass m* is determined from the cyclotron frequency !c = eB m

! , τq is calculated from 
! q = ! / (2!kBTD ) , and ns is calculated from f = nh 2q , where h is Planck’s constant. 

Subband 
index i 

R0A 
(Ω) f (T) m* (me) TD (K) ns (cm-2) τq (s) µq (cm2V-1s-1) 

1 2 21.4 1.02 0.8 1.03 × 1012 1.52 × 10-12 2620 

2 10 42.2 1.08 1.5 2.04 × 1012 8.10 × 10-13 1320 

 

 

ΔRxx(1/B)  and its corresponding FFT spectrum are presented in Figs. 5.14a and 5.14b, 

respectively. 

Similar to the non-spin-split two-subband model, the resulting ΔRxx(1/B) calculated 

ΔRxx(1/B) using the parameters in Table III gives a reasonable qualitative agreement with 

the experimental data. The spin-split model gives a combined sheet carrier density far below 

that extracted from Hall measurements. Unlike the previous model, the FFT spectrum seems 

to qualitatively reproduce many of the features observed in the FFT of experimental data. As 

such, the spin-split model offers an improvement over the non-spin-split model; however, 

the extracted values for the charge carrier effective masses (~0.7me) are substantially lower 

than what is expected or previously observed for electrons in dxy-derived subbands in 

SrTiO3. The two spin-split subband model is therefore mostly consistent with the data, 

although the extracted values for the effective mass may call its validity into question. 
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Figure 5.14: (a) Shubnikov-de Haas oscillations, ΔRxx(1/B), calculated using Eq. 
(5.2), m = 2, with the parameters listed in Table 5.3, and (b) the corresponding 
Fourier transform of the data, with peak positions labeled. 
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Table 5.3:  Parameters extracted from fits of the experimental Shubnikov-de Haas 
oscillations measured at 0.45 K to a two-spin-split-subband model  [Eq. (5.2), m = 2].  The 
sheet carrier densities (ns), quantum scattering times (τq), and quantum mobilities (µq) 
extracted from the fits are shown for each subband. The effective mass m* is determined 
from the cyclotron frequency !c = eB m

! , τq is calculated from ! q = ! / (2!kBTD ) , and ns is 
calculated from f = nh q , where h is Planck’s constant. 
Subband 
index i 

R0A 
(Ω) f (T) m* 

(me) 
TD 
(K) g* ns (cm-2) τq (s) µq  

(cm2V-1s-1) 

1 7 21.3 0.67 1.1 2.65 5.14 × 1011 1.10 × 10-12 2880 

2 5 34.3 0.73 1.35 2.6 8.28 × 1011 9.00 × 10-13 2170 

 

 

5.6.3 Four-subband Model 

The four subband model was evaluated by fitting with Eq. (1.3) for m = 4. Only the first 

harmonic term for each subband was considered in this analysis. The parameters extracted 

from this model are presented in Table IV. The calculated ΔRxx(1/B)  and its corresponding 

FFT spectrum are presented in Figs. 5.15a and 5.15b, respectively. 

The ΔRxx(1/B) calculated from the four-subband model arguably captures more of the 

qualitative features of the experimental data than the previously described models, 

especially at higher temperatures. Unlike the two spin-split subband model, the charge 

carrier effective masses extracted from the four-subband model are more consistent with 

theory and previous experiments. Variations in the mass (0.95me to 1.5 me) are expected for 

varying degrees of hybridization of dxy orbitals with dxz and dyz orbitals, which have a 

comparatively higher in-plane effective mass [138]. That being said, the FFT spectrum from 

the four-subband model does not capture as many of the features of the experimental data as 

that extracted from the two spin-split subband model. 
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Figure 5.15: (a) Shubnikov-de Haas oscillations, ΔRxx(1/B), calculated using Eq. 
(1.1), m = 4, with the parameters listed in Table 5.4. Adapted with permission from 
[131]. Copyright 2013, AIP Publishing LLC. (b) The corresponding Fourier 
transform of the data, with peak positions labeled. 
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Table 5.4:  Parameters extracted from fits of the experimental Shubnikov-de Haas 
oscillations measured at 0.45 K to a four-subband model [Eq. (1.3), m = 4].  The sheet 
carrier densities (ns), quantum scattering times (τq), and quantum mobilities (µq) extracted 
from the fits are shown for each subband.  The effective mass m* is determined from the 
cyclotron frequency !c = eB m

! , τq is calculated from ! q = ! / (2!kBTD )  and ns is calculated 
from f = nh 2q , where h is Planck’s constant. Adapted with permission from [131]. 
Copyright 2013, AIP Publishing LLC. 

Subband 
index i 

R0A 
(Ω) f (T) m* (m0) TD (K) ns (cm-2) τq (s) µq 

(cm2V-1s-1) 

1 2 21.2 0.95 0.9 1.02 × 1012 1.35 × 10-12 2496 

2 2 41.2 1.4 0.8 1.99 × 1012 1.52 × 10-12 1907 

3 6.5 43 1.5 1.1 2.08 × 1012 1.10 × 10-12 1288 

4 0.8 68.4 1.2 0.8 3.30 × 1012 1.52 × 10-12 2225 
 

 

5.6.4 Further Comments 

Among the multiple subband models discussed above, the non-spin-split two-subband 

model appears to be the least consistent with the experimental data, in regards to both 

ΔRxx(1/B) and the corresponding FFT. The two spin-split subband model and four-subband 

model are both more consistent with the data, though conclusively favoring one over the 

other as the best description of the electronic structure is difficult with the available data. 

Indeed, determining whether electronic subbands in SrTiO3 2DEGs experience spin splitting 

has proven difficult in previous studies [141]. That being said, the four-subband model 

arguably offers a better qualitative fit in ΔRxx(1/B), and the extracted values for the electron 

effective mass are closer to what is expected for 2DEG’s in SrTiO3. As such, the four-

subband model is currently the best description of the electronic structure of the modulation-

doped SrTiO3/La:STZO system explored here. 
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The remaining discrepancies between the calculated and experimental ΔRxx(1/B) after 

fitting can be attributed to intersubband scattering [46, 142], whose contribution is not 

included in any of the models above. This effect is more significant at low B [46, 142] and 

when different subbands are close in energy. The energy spacing between subbands ΔE can 

be described by: 

!E = q!!f
m"

                                                        (3) 

where Δf is the difference in the frequencies of Shubnikov-de Haas oscillations arising from 

any two subbands, and q the elementary charge. For the four-subband model, this gives ΔE 

ranging from 0.15 meV to 5 meV. These relatively small values of ΔE may explain the 

significant discrepancies between calculated and experimental data, which are more 

apparent at low B. 

An improved theoretical understanding of electronic transport in SrTiO3-based 2DEGs 

would significantly improve the prospects of conclusively characterizing the electronic 

structure of modulation-doped SrTiO3. Improvements in electron mobility through materials 

development would also allow for the resolution of finer features in the magnetoresistance. 

Unfortunately, significant improvements in the mobility for this structure have proven 

elusive, exacerbated perhaps by interface scattering or ionized impurity scattering (despite 

its reduction through modulation doping). The following section will explore alternative 

structures for modulation doping of SrTiO3 with STZO and SrZrO3. 

 

5.7 Superconductivity in SrTiO3/La:STZO 

Figure 5.16a shows the longitudinal resistance Rxx measured versus temperature at a 

magnetic field H = 0 for sample MB (see Fig. 5.8) down to 50 mK, measured in a Physical 
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Properties Measurement System (Quantum Design, Inc.) equipped with a dilution 

refrigerator. The apparent onset of a superconducting transition versus temperature is 

observed at approximately 420 mK, followed by a shoulder in Rxx at approximately 280 mK. 

Rxx then falls below the detection limit of the PPMS resistivity option at temperatures below 

150 mK. The appearance of the shoulder suggests multiple transitions or perhaps a 

disruption of the ~420 mK transition with decreasing temperature, though the behavior 

observed here is not yet well understood.  Whatever mechanism may be active, the critical 

temperatures of the superconducting transitions in this system are consistent with the range 

of superconducting critical temperatures observed in bulk doped SrTiO3 [13]. A shoulder in 

Rxx is also observed versus magnetic field H at various temperatures, as shown in Fig. 5.16b. 

As such, this shoulder is a feature that appears both in the temperature dependence and the 

field dependence of Rxx, suggesting two superconductivity-related transitions with separate 

critical temperatures and critical fields. Determining the origin of this behavior, as well as its 

tilt-angle dependence (to determine whether the superconductivity two-dimensional), is left 

for future studies. 

 

5.8 Alternative Modulation-doped Heterostructures 

In an effort to increase the mobility of modulation-doped heterostructures beyond those 

described in Fig. 5.8, alternative structures were also explored. One such alternative 

structure involved placing an undoped STZO spacer between the La:STZO and SrTiO3 

layers with the intent of increasing charge carrier mobility by further separating ionized 

impurities from the 2DEG in SrTiO3, which has proven effective in analogous modulation-

doped III-V heterostructures [39]. Figure 5.17 shows transport data collected from two 
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Figure 5.16: (a) Longitudinal resistance, Rxx, versus temperature at magnetic field H 
= 0 measured for sample “MB” (see Fig. 5.8). The approximate temperatures for the 
onset of two superconducting transitions are marked. (b) Rxx versus H (with H 
oriented perpendicular to the plane of the interface) measured at various temperatures 
for the same sample. 
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samples which are identical to samples MA and MB, except in one sample, a 5 nm undoped 

STZO spacer was placed between La:STZO and SrTiO3 layers. In both structures, the 

apparent carrier density decreases with decreasing temperature until ~40 K, below which the 

carrier density appears constant. This is likely due to the effect of multicarrier conduction on 

the zero-field Hall coefficient, as discussed for similar structures in previous sections. This 

indicates that some of the charge carriers in the system reside in the SrTiO3 layer of both 

samples. Surprisingly, adding the spacer layer results in a decrease in electron mobility at 2 

K of almost an order of magnitude compared to the sample without a spacer layer. This is 

greater than the change in mobility expected from differences in carrier density between the 

two samples, so it is likely a change effected by the added spacer layer. The reason for this 

decreased mobility is unclear, though it is most likely associated with a significant fraction 

of the carriers residing in the spacer layer, resulting in a lower overall mobility. Whatever 

the case may be, adding an undoped spacer layer does not appear to be an effective method 

for increasing mobility in modulation-doped SrTiO3/STZO heterostructures. 

Due in part to the difficulty of controllably doping STZO layers, selectively-delta-doped 

heterostructures like those shown schematically in Fig. 5.18 (modeled after analogous 

structures in III-V semiconductors [6]) were also investigated. The transport data obtained at 

2 K for each sample is shown in Table V. Such structures appear to give an advantage in 

electron mobility over standard selectively-doped heterostructures (see Fig. 5.8). However, 

no oscillations in the magnetoresistance were observed for temperatures down to 0.45 K and 

for fields up to 14 T. Again, scattering from the undoped STZO may be playing a substantial 

role in the transport, thus explaining the absence of oscillatory behavior in the longitudinal 

magnetoresistance. Ultimately, these structures do not allow for as extensive study of the  



 

 129 

 

 

Figure 5.17: (a) Sheet resistance, RS, (b) 3D charge carrier Hall density, n3D = 1/(eRHtSTZO), where 
tSTZO is the La:STZO layer thickness, and (c) Hall mobility, µ, determined as a function of 
temperature for nominally modulation doped heterostructures with structures similar to that 
schematically described in Fig. 5.8, except one contains a 5 nm undoped STZO spacer between 
SrTiO3 and La:STZO layers. STZO layers in both samples were grown with ZTB/B (BEP) = 0.13 
and B/A (BEP) = 52.8. Both La:STZO layers have a nominal dopant density of ~2 × 1019   cm-3.   
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Figure 5.18: Schematic of selectively-delta-doped heterostructures (DD1 and DD2) grown by hybrid 
MBE, with a standard selectively-doped heterostructure (MC) shown for comparison. Each doped 
layer contains a nominal dopant concentration of 2 × 1020 cm-3. ZTB/B (BEP) = 0.12 for STZO layers 
shown here. The transport properties of these structures at 2 K are presented in Table V. 

 
 
 
 
 
Table 5.5: Sheet resistance (RS), zero-field Hall coefficient (RH), sheet carrier Hall density 
(n2D), and Hall mobility (µH) at T = 2 K for samples described schematically in Fig. 5.18. 

Sample RS 
(Ω/sq) 

RH  
(× 104 cm2C-1) 

n2D  
(1/(eRH), cm-2) 

µH 
(cm2V-1s-1) 

MC 510 26 2.1 × 1013 510 

DD1 95 20 3.1 × 1013 2100 

DD2 55 9.3 6.7 × 1013 1700 
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electronic structure as those showing Shubnikov-de Haas oscillations. 

In the interest of reducing alloy scattering from STZO, the feasibility of integrating 

SrZrO3 into modulation-doped heterostructures was also investigated. Structures were 

grown with the following configuration: SrTiO3 (001) substrate/ 5 nm or 10 nm SrZrO3/ 650 

nm La:STO (nLa = 5 × 1018 cm-3). The growths of SrZrO3 and La:SrTiO3 layers were 

consistent with stoichiometric growth conditions discussed in section 5.4 and Chapter 3, 

respectively. All resulting structures were insulating. Therefore, integration of SrZrO3 into 

heterostructures as a separator layer between La:STO and undoped SrTiO3 might only be 

feasible for transport studies with thinner SrZrO3 layers or for growth on substrates with 

smaller lattice mismatch. Since controlled electron doping of SrTiO3 layers with La appears 

to be compromised when growing on SrZrO3, further efforts in this area were suspended. 

 

5.9 Chapter Summary 

The growth of STZO using both TTIP and ZTB metal-organic precursors along with a Sr 

solid source was discussed. Expansion of the lattice parameter could not be used as a 

measure of non-stoichiometry as was the case for the growth of SrTiO3 and BaxSr1-xTiO3, 

since stoichiometric conditions do not correspond to a minimum lattice parameter. RHEED 

and XRD analysis show a clear transition in growth conditions from A-cation excess to 

nominal cation stoichiometry, but the transition from stoichiometry to B-cation excess is 

much less apparent. This latter boundary could only be discerned with RBS data. The 

decreasing lattice parameter with increasing B/A (BEP) was then attributed to preferential 

segregation of Zr into ZrOx amorphous phases, rather than strain relaxation. 
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The electron doping of STZO films was then discussed. STZO films could not be doped 

for ZTB/B (BEP) greater than 0.13 (corresponding to ~5% Zr substitution) Thick La:STZO 

films separated from a SrTiO3 substrate by an undoped buffer layer show electron mobilities 

below 20 cm2V-1s-1 (for ZTB/B (BEP) = 0.07) and ~1 cm2V-1s-1 (for ZTB/B (BEP) = 0.13) 

for n3D ~1 × 1020 cm-3 at 2 K. Lower doping concentrations could not be achieved in this 

structure; films grown with a lower dopant density (or grown in off-stoichiometric 

conditions) were insulating. Interfacing La:STZO directly with SrTiO3 allows for electron 

doping with La down to ~2 × 1019 cm-3 and electron mobilities greater than 300 cm2V-1s-1. 

The increase in the Hall coefficient (decrease in apparent carrier density) with decreasing 

temperature is indicative of multicarrier Hall conduction and thus suggests charge transfer 

into the SrTiO3 layer. 

The successful generation of a 2DEG in SrTiO3 is then confirmed with Shubnikov-de 

Haas analysis of the sample labeled “MB” (see Figs. 5.8 and 5.9). The increased mobility of 

charge carriers suggests charge transfer into the undoped SrTiO3 buffer layer, and the angle 

dependence of the Shubnikov-de Haas oscillations confirms the two-dimensional nature of 

the system. Multiple oscillation frequencies (arising from the occupation of multiple 

subbands) are observed in the longitudinal magnetoresistance. The magnetoresistance data is 

fit to several models for Shubnikov-de Haas oscillations from multiple subbands. The model 

for two spin-split subbands and the model for four (non-spin-split) subbands are the most 

consistent with the experimental data. The four-subband model appears to be more 

qualitatively consistent with the experiment, though more studies are needed to conclusively 

determine whether spin-splitting is involved. 
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Alternative modulation-doped heterostructures were investigated for the purpose of 

improving the electron mobility. Incorporating a 5 nm-thick undoped STZO spacer layer 

was shown to actually decrease the mobility at low temperatures, possibly due to scattering 

from the undoped layer. Selectively delta-doped heterostructures were shown to give 

electron mobilities up to 2000 cm2V-1s-1. However, not much could be determined about 

their electronic structure due to the absence of magnetoresistance oscillations at 

temperatures down to 0.45 K and magnetic fields up to 14 T. 
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Chapter 6 

Summary and Future Outlook 
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Chapters 3 and 4 demonstrated the effectiveness of using RHEED in conjunction with 

XRD to achieve ideal A:B cation stoichiometry in both SrTiO3 and BaxSr1-xTiO3 thin films 

grown by hybrid MBE. In particular, observed trends in the surface reconstruction with 

changing B/A cation ratio can be used to indirectly determine the surface and resulting bulk 

stoichiometry of thin films for applications and research efforts where defects from non-

stoichiometry affect the most relevant materials properties, such as electron mobility in 

SrTiO3 conducting channels or dielectric loss in BaxSr1-xTiO3 capacitor structures. This was 

shown to apply to the growth of STZO as a doped barrier layer for modulation doping, to the 

extent that the onset of A-cation-rich growth conditions could be readily discerned. The 

transition to B-cation-rich growth in STZO was not so apparent in RHEED and XRD, and 

could only be discerned with measurements of the chemical composition (e.g. RBS). This 

latter issue suggests that substantially different growth dynamics are active in the hybrid 

MBE growth of complex oxide solid solutions using multiple metal-organic precursors 

rather than multiple solid-sources, as was the case for the growth of BaxSr1-xTiO3. Additional 

studies utilizing electron microscopy coupled with energy-dispersive X-ray spectroscopy 

(EDX) chemical analysis may yield important information about the incorporation of 

multiple volatile metal-organic precursors into a complex oxide thin film. 

In Chapter 5, it was also shown that STZO could be doped and used to transfer 

charge carriers into SrTiO3, thus forming a 2DEG. As such, it was shown to be effective in 

realizing a modulation-doped heterostructure. The mobility of electrons in the 2DEG 

appears to be limited in part by the lower limit of doping in the La:STZO layer. Interfacial 

scattering may also be a limiting factor for mobility, though the exact nature of its 

contribution remains unclear. The difficulty in determining stoichiometric growth conditions 
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for STZO, as well as the inability to electron dope films with more than ~5% Zr substitution, 

limits the prospects of STZO for band gap engineering in complex oxides similarly to efforts 

in III-V semiconductors. Although investigations into modulation doped heterostructures 

with STZO does support the assertion that modulation doping in complex oxides is possible, 

there are substantial limitations to the engineering of heterostructures for substantially 

improved mobility over uniformly-doped SrTiO3. 

The observation of superconductivity in the modulation-doped heterostructure 

described in Chapter 5 warrants further investigation into the nature of the superconducting 

transition, focusing particularly on features that suggest a second transition with a separate 

critical temperature and critical magnetic field within the same system. Investigation of the 

tilt-angle dependence of the critical field may yield information about the dimensionality of 

the superconducting transition. This may also determine whether the 2DEG, the La:STZO 

layer, or both are undergoing a superconducting transition in this system. 

It is reasonable to look to other material systems as potential candidates as a doped 

barrier layer. Among other perovskite band insulators, KTaO3 and CaSnO3 are predicted to 

have conduction band offsets of 150 and 130 meV, respectively, with SrTiO3 [143]. KTaO3 

has been successfully doped n-type with Ba [144] and oxygen vacancies [145] in previous 

studies with high electron mobilities in bulk single crystals (~20,000 cm2V-1s-1) at 4.2 K 

[145]. However, it is not a favorable candidate for the modulation doping of SrTiO3 due to 

its polar nature; along the [001] direction it is composed of alternating KO- and TaO2
+ 

layers, which would to a polar discontinuity at the interface with SrTiO3. CaSnO3, on the 

other hand, is isovalent with SrTiO3. Similar to SrZrO3, CaSnO3 is orthorhombic (space 

group Pbnm [146]), but compared to SrZrO3, it has a much smaller lattice mismatch with 
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SrTiO3 (pseudocubic a ~ 3.96 Å [146]). It remains to be seen whether shallow donors exist 

for this compound. If not, other perovskite systems will need to be explored. 

Regardless of the material system employed for modulation doping, further investigation 

is needed to more accurately describe the electronic structure of low-density 2DEGs through 

Shubnikov-de Haas analysis, particularly in regard to whether or not the subbands are spin-

split. In the realm of theory, simulations of Shubnikov-de Haas oscillations in systems with 

multiple occupied subbands both with and without spin-splitting would aid experimental 

efforts in investigating the electronic structure. This may also involve determining how 

subbands closely-spaced in energy interact with each other through intersubband scattering. 

Experimentally, further investigations of the subband structure depend not only on achieving 

higher electron mobility but on the ability to control the 2DEG carrier density, thus adjusting 

the filling of subbands. Although this may be accomplished with controlled doping, further 

development of electric-field gated structures for this purpose based on hybrid MBE-grown 

SrTiO3 will remain a necessary endeavor for studying the electronic structure of 2DEGs in 

SrTiO3. 
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