
UC San Diego
UC San Diego Electronic Theses and Dissertations

Title
Techniques for Measuring the Mechanical Properties of Organic Semiconductors

Permalink
https://escholarship.org/uc/item/09h3b8gj

Author
Rodriquez Jr, Daniel

Publication Date
2018
 
Peer reviewed|Thesis/dissertation

eScholarship.org Powered by the California Digital Library
University of California

https://escholarship.org/uc/item/09h3b8gj
https://escholarship.org
http://www.cdlib.org/


UNIVERSITY OF CALIFORNIA SAN DIEGO 

 

Techniques for Measuring the Mechanical Properties of Organic Semiconductors 

 

A Dissertation submitted in partial satisfaction of the requirements for the degree of  

Doctor of Philosophy 

 

in 

 

Nanoengineering 

 

by 

 

Daniel Rodriquez Jr 

 

 

Committee in charge: 

Professor Darren J. Lipomi, Chair 
Professor Shengqiang Cai 
Professor Tina Ng 
Professor Jan Talbot 
Professor Sheng Xu 

 
2018 

 

 



 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Copyright 

Daniel Rodriquez Jr, 2018 

All rights reserved.

 



iii 
 

 

 

 

 
The Dissertation of Daniel Rodriquez Jr is approved, and it is acceptable in quality and form for 
publication on microfilm and electronically: 
 

 

___________________________________________________________ 

 

___________________________________________________________ 

 

___________________________________________________________ 

 

___________________________________________________________ 

 

___________________________________________________________ 

        Chair 

 

University of California San Diego 

2018 

  



iv 
 

DEDICATION 

 

 

 

 

 

 

 

 

 

 

This thesis is dedicated to my mother, Janie. 

  



v 
 

EPIGRAPH 

 

 

 

 

 

 

 

 

 

 

You can’t predict the waves, but you can learn to surf. 

  



vi 
 

TABLE OF CONTENTS 

Signature Page . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .iii 

Dedication . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .iv 

Epigraph . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .v 

Table of Contents . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . vi 

List of Figures . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . x 

List of Tables . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . xii 

Acknowledgements . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .xiii 

Vita . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . xvii 

Abstract of the Dissertation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .xx 

Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .1 

Chapter 1 [70]PCBM and incompletely separated grades of methanofullerenes produce bulk 
heterojunctions with increased robustness for ultra-flexible and stretchable electronics . . . . . . . .12 
 Abstract . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .13 
 1.1 Introduction and Background . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .14 
  1.1.1 Methanofullerenes in organic solar cells . . . . . . . . . . . . . . . . . . . . . . . . . . . .14 
  1.1.2 Embodied energy of methanofullerenes . . . . . . . . . . . . . . . . . . . . . . . . . . . .16 
  1.1.3 Mechanical properties and morphology of the bulk heterojunction . . . . . . .17 
 1.2 Results and Discussion . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .18 

1.2.1 Mechanical properties of pure methanofullerene and bulk heterojunction 
films . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .18 
1.2.2 Stiffening effect of methanofullerenes on the pure polymers . . . . . . . . . . . .24 
1.2.3 Stiffening effect of thermal annealing . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .26 

 1.2.4 Effect of incomplete separation of [60]PCBM and [70]PCBM in 
 technical grades . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .28 
 1.2.5 Effect of methanofullerenes size and isomerism . . . . . . . . . . . . . . . . . . . . . .30 

1.2.6 Photovoltaic properties . . . . . . . . . . . . . . . . . . . . . . . . . . .. . . . . . . . . . . . . . .31 
 1.3 Conclusion . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .33 
 1.4 Experimental Methods . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .35 
  1.4.1 Materials . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .35 
  1.4.2 Preparation of films . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .36 
  1.4.3 Buckling-based methodology and crack-onset experiment . . . . . . . . . . . . . .36 
  1.4.4 Fabrication of organic solar cells . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .38 
  1.4.5 Characterization of films . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .38 
  1.4.6 Weakly interacting H-aggregate model . . . . . . . . . . . . . . . . . . . . . . . . . . . . .39 



vii 
 

 Acknowledgments . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .40 
References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .40 

 
Chapter 2 Mechanical Properties of Solution-Processed Small-Molecule Semiconductor Films . . 
. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .46 

Abstract . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .47 
 2.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .48 
  2.1.1 Mechanical properties of van der Waals solids . . . . . . . . . . . . . . . . . . . . . . .51 
 2.2 Experimental Design . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .52 

2.2.1 Selection of materials . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .52 
  2.2.2 Selection of processing additives . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .54 
  2.2.3 Mechanical characterization: tensile modulus . . . . . . . . . . . . . . . . . . . . . . . .54 
  2.2.4 Mechanical characterization: crack-onset strain . . . . . . . . . . . . . . . . . . . . . .55 
 2.3 Results and Discussion . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .56 
  2.3.1 General observations . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .56 
  2.3.2 I. Softening effect of side chains . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .58 
  2.3.3 II. Stiffening and embrittling effect of PC71BM . . . . . . . . . . . . . . . . . . . . . .59 
  2.3.4 III. Increased stiffness and brittleness by thermal annealing . . . . . . . . . . . . .60 

2.3.5 IV. Effect of additives . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .61 
2.3.6 V. Mechanical properties of bulk heterojunctions with HPI-BT as the acceptor 
. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .62 
2.3.7 Mode of fracture . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .62 
2.3.8 Correlation of surface morphology with mechanical properties . . . . . . . . . .63 
2.3.9 Mechanism of strain accommodation in small-molecule films . . . . . . . . . . .64 
2.4 Conclusions . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .65 

 2.5 Experimental Methods . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .66 
  2.5.1 Materials . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .66 
  2.5.2 Preparation of substrates . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .67 
  2.5.3 Bilayer film buckling . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .68 

2.5.4 Preparation of small-molecule solutions . . . . . . . . . . . . . . . . . . . . . . . . . . . .68 
2.5.5 Characterization of materials . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .69 

 Acknowledgements . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .69 
 References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .70 
 
Chapter 3 Comparison of Methods for Determining the Mechanical Properties of Semiconducting 
Polymer Films for Stretchable Electronics . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .74 
 Abstract . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .75 
 3.1 Introdcution . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .75 

3.2 Experiemental Section . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .77 
3.2.2 Molecular weight of poly(3-hexylthiophene) (P3HT) . . . . . . . . . . . . . . . . . .77 
3.2.3 Effect of molecular weight on the mechanical properties of P3HT . . . . . . . .78 
3.2.4 Film-on-water (FOW) measurements . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .79 
3.2.5 Film-on-elastomer (FOE) measurements . . . . . . . . . . . . . . . . . . . . . . . . . . . .80 
3.2.6 Molecular dynamics (MD) . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .81 

3.3 Results and Discussion . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .81 
3.3.1 Tensile modulus . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .81 



viii 
 

3.3.2 Ductility . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .85 
3.3.3 Aggregation behavior . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .87 
3.3.4 Molecular dynamics simulations . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .88 

 3.4 Conclusions . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .90 
 Acknowledgements . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .91 
 References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .92 
 
Chapter 4 Measurement of Cohesion and Adhesion of Semiconducting Polymers by Scratch 
Testing: Effect of Side-Chain Length and Degree of Polymerization . . . . . . . . . . . . . . . . . . . . . . 97 

Abstract . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .98 
 4.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .99 
 4.2 Results and Discussion . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .103 
 4.3 Conclusions . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .109 

Supporting Information . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .110 
Acknowledgements . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .110 

 References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .110 
 
Appendix A Supporting Information for Chapter 1 [70]PCBM and incompletely separated grades 
of methanofullerenes produce bulk heterojunctions with increased robustness for ultra-flexible and 
stretchable electronics . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .114 
 A.1 UV-vis absorption of P3HT:methanofullerene films on different substrates . . . . . .115 

A.2 Photovoltaic characteristic of P3HT:methanofullerenes with 1:1 mixture of [60]PCBM 
and [70]PCBM . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .116 
A.3 Buckling methodology . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .117 
 

Appendix B Supporting Information for Chapter 2 Mechanical Properties of Solution-Processed 
Small-Molecule Semiconductor Films . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .120 

B.1 Photovoltaic properties of small-molecule BHJs with HPI-BT as the acceptor . . . .121 
B.2 Thermal properties of small-molecule semiconductors . . . . . . . . . . . . . . . . . . . . . . .122 
B.3 Optoelectronic properties of small-molecule semiconductors . . . . . . . . . . . . . . . . . .123 
 

Appendix C Supporting Information for Chapter 3 Comparison of Methods for Determining the 
Mechanical Properties of Semiconducting Polymer Films for Stretchable Electronics . . . . . . . .124 
 C.1 Effect of modulus mismatch on crack-onset strain measurements . . . . . . . . . . . . . .125 
 C.2 Experimental Section . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .126 
  C.2.1 Synthesis of materials . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .126 
  C.2.2 Preparation of glass substrates . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .126 
  C.2.3 Preparation of P3HT films . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .127 
 C.3 Film on elastomer (FOE) methods . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .127 
  C.3.1 Mechanical buckling . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .127 
  C.3.2 Yield point (onset of buckling) . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .128 
  C.3.3 Crack onset . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .128 
 C.4 Film on water (FOW) method . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .129 
 C.5 Computational methods . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .129 
 References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .130 
 



ix 
 

Appendix D Supporting Information for Chapter 4 Measurement of Cohesion and Adhesion of 
Semiconducting Polymers by Scratch Testing: Effect of Side-Chain Length and Degree of 
Polymerization . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .131 
 D.1 AFM images and UV-vis absorption spectra . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .132 

D.2 Experimental Methods . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .134 
  D.2.1 Sample preparation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .134 
  D.2.2 Computational methods . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .134 
  References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .135 
 

  



x 
 

LIST OF FIGURES 

Figure 1.1. Chemical structure of P3HT and the methanofullerenes studied . . . . . . . . . . . . . . . . .15 
 
Figure 1.2. Mechanical properties of the bulk heterojunctions and pure methanofullerenes films, 
arranged from left to right in order of increasing content of [70]PCBM . . . . . . . . . . . . . . . . . . . .21 
 
Figure 1.3. Absorption of P3HT:methanofullerenes thin films after annealing treatment with the 
methanofullerenes signal subtracted . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .28 
 
Figure 1.4. Photovoltaic characteristic of averaged devices (N ≥ 8) with an active layer of 1:1 blend 
of P3HT and respective methanofullerenes . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .32 
 
Figure 1.5. Schematic summary of the effect of mixed grades of methanofullerenes on the 
mechanical properties of P3HT:methanofullerenes blends . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 35 
 
Figure 2.1. Chemical structures of the small molecules whose mechanical properties were 
measured in this work . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .49 
 
Figure 2.2. Schematic diagram of the two methods of determining crack-onset strain . . . . . . . . .56 
 
Figure 2.3. Tensile modulus of pure small-molecule thin films . . . . . . . . . . . . . . . . . . . . . . . . . . .57 
 
Figure 2.4. Correlation between tensile moduli and crack-onset strains for all the films tested . .58 
 
Figure 2.5. Optical micrographs of cracking behavior of four pure organic semiconductors at 15% 
strain, from partially ductile behavior (left) to completely brittle behavior (right) . . . . . . . . . . . .63 
 
Figure 2.6. Surface morphology of thin film bulk heterojunction solar cells. . . . . . . . . . . . . . . . .64 
 
Figure 3.1. Comparison of stress-strain behavior measured for film-on-water and film-on-
elastomer methods . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .77 
 
Figure 3.2. Tensile moduli of P3HT thin films with a range of molecular weight. . . . . . . . . . . . .82 
 
Figure 3.3. Illustration depicting the effect of tensile and compressive stresses on voids, pinholes, 
and imperfections in a thin film . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .83 
 
Figure 3.4. AFM images showing the surface morphology of P3HT with increasing molecular 
weight. Scan area was 5 × 5 µm . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .84 
 
Figure 3.5. Stress-strain curves of 63 kDa P3HT tested using two different strain rates . . . . . . . .85 
 
Figure 3.6. UV-vis spectra and exciton bandwidth of P3HT thin films. . . . . . . . . . . . . . . . . . . . .88 
 



xi 
 

Figure 3.7. Comparison of uniaxial tensile response between disentangled (N ≈	Ne) and highly 
entangled (N ≈	6Ne) systems, as computed by coarse-grained MD . . . . . . . . . . . . . . . . . . . . . . . .90 
 
Figure 4.1. Graphical abstract . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .98 
 
Figure 4.2. Scratch testing of thin films and coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .103 
 
Figure 4.3. Results from scratch testing of P3ATs as a function of the length of the side chain n . . 
. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .104 
 
Figure 4.4. Scratch testing results for P3HT as a function of Mn . . . . . . . . . . . . . . . . . . . . . . . . .108 
 
Figure 4.5. Plots showing the linear relationship between average degree of polymerization <m> 
and the force required for failure . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .109 
 
Figure A.1. UV-vis absorption of P3HT:methanofullerene thin films (~150 nm) on plasma-treated 
glass, FOTS-treated glass, and PEDOT:PSS films . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .115 
 
Figure A.2. Photovoltaic characteristic of P3HT:methanofullerenes with 1:1 mixture of [60]PCBM 
and [70]PCBM . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .116 
 
Figure A.3. Examples of the optical micrograph of the buckles obtained from the bilayer systems 
comprising PEDOT:PSS and pure fullerene films at different thicknesses . . . . . . . . . . . . . . . . .118 
 
Figure A.4. An example of buckling wavelength vs. film thickness plot for a bilayer system . . . . . 
. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .118 
 
Figure A.5. Plot of the output tensile modulus of the pure fullerene films vs. the obtained tensile 
modulus of the bilayer films (PEDOT:PSS and pure fullerene) . . . . . . . . . . . . . . . . . . . . . . . . . .119 
 
Figure B.1. Photovoltaic plots of DTS(FBTTh2)2:HPI-BT and SMDPPEH:HPIBT bulk 
heterojunction solar cells. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .121 
 
Figure B.2. DSC thermograms showing the melting temperature of DTS(FBTTh2)2, SMDPPEH, 
TIPS-pentacene, and HPI-BT. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .122 
 
Figure B.3. Absorption spectra of as-cast pure DTS(FBTTh2)2, SMDPPEH, HPI-BT, and PC71BM 
thin films. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .123 
 
Figure C.1. Crack density at 20% strain of a 40 kDa P3HT sample on PDMS. The PDMS curing 
ratio was variable at 5:1, 10:1, and 20:1. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .125 
 
Figure D.1. Surface morphology of the scratch channel for P3HT (63 kDa). The arrow indicates 
the direction of the scratch . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .132 
 
Figure D.2. Absorption of P3AT thin films cast from CHCl3 . . . . . . . . . . . . . . . . . . . . . . . . . . .133  



xii 
 

LIST OF TABLES 
 
Table 1.1. Summary of tensile moduli of the methanofullerene films tested in this work from 
measurement with the buckling-based method and the bilayer technique . . . . . . . . . . . . . . . . . . .22 
 
Table 1.2. Summary of crack-onset strains of the thin films when transferred onto PDMS substrate 
. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .22 
 
Table 1.3. Summary of the photovoltaic figures of merit for P3HT:methanofullerenes solar cells 
fabricated in this work . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 33 
 
Table 3.1.  Tabulated values of the mechanical properties of P3HT films as a function of molecular 
weight . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .87 
 
Table 4.1. Tabulated values of the mechanical properties of P3HT in a range of molecular weights 
as determined by tensile testing . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .106 
 
Table A.1. Summary of the photovoltaic figures of merit for P3HT:methanofullerene solar cells 
fabricated in this work (N ≥ 8) . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .116 
 
Table D.1. Summary of the weakly interacting H-aggregate model parameters extracted from UV-
vis absorption spectra . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .133 
  



xiii 
 

ACKNOWLEDGEMENTS 

My PhD was the culmination of a nine year journey and a ride I never imagined taking. If 

you would’ve told me fourteen years ago that I would one day be writing and defending a doctoral 

thesis, I would have fiercely denied it. Whether it was fate or fortune that allowed me to reach 

these heights, there are a number of events and people in my life that have contributed to my 

success. The relationships and knowledge I have gained professionally and personally will last a 

lifetime and I am truly grateful.  

Joining the U.S Navy after high school was pivotal for my growth and maturity. I learned 

so much about life outside of my hometown of Fresno, CA. The exposure to such a diverse range 

of personalities and cultures improved my ability to empathize and a gave me global perspective. 

The navy also taught me discipline and how to follow a plan to reach my goals. Joseph Ugalde 

was the first friend I made in the navy. Thank you for being a good friend and sparking my 

academic journey by encouraging me to complete my associate degree while we were serving. 

Russell Meyer and I met while I was stationed in Bahrain and we had a blast going to see cover 

bands and playing pool. Russell is not only a good friend, but he is also the person that first 

introduced me to the field of engineering. It makes me happy to see other veterans pursue college 

and become successful engineers. David Hellstrom is a good friend that I met at my last duty 

station, the USS Preble. Some of my best memories in the navy come from traveling the western 

pacific with David on my first (and last) sea deployment. David continues to be a good friend and 

great source of encouragement and support. 

I met Ernesto Magaña at community college shortly after separating from the navy and we 

have been friends ever since. Thanks for debating with me and always being DTS. Nate Velez, 

Steven Accardo, and Jesus Zavala thanks for keeping me sane throughout undergrad with a good 



xiv 
 

mix of fun and study sessions. I still can’t believe that each of us was a veteran from a different 

branch of the military! Han Nguyen thanks for the study sessions and the good humor. 

The Lipomi Research Group. Suchol Savagatrup thank you for being a great mentor and 

ultimately a friend. Your work ethic and example provided the framework that helped make my 

PhD so successful. Adam Printz thank you for your knowledge and continued support throughout 

the years, your presence in the lab has certainly been missed, by absolutely no one. Brandon Marin 

I am really glad we met, your sense of humor is one of a kind. Thank you for being a source of 

guidance and deep laughs. It’s great to see others from our culture and background thrive and 

prosper. Julian Ramirez I can always count on you to understand my sense of humor and debate 

about music or sports; I look forward to continuing our friendship in the years to come. Sam Root 

thank you for the good times and awesome collaborations, you are a simulation god. Cody 

Carpenter thank you for your wisdom of coffee, the great conversations, and reminding me to keep 

my hip flexors stretched. The walks and talks with you and Sam were some really good times. 

Mohammad Alkhadra you will forever be a boss and a friend. You taught me a lot about personal 

discipline, but then again that’s nothing to a boss. Rachel O., Andrew C., Anne C., Armando U., 

and Madeleine R. thank you for being awesome mentees and a joy to work with. Dana Jimenez 

thank you for being one of the nicest and most helpful people in the Nanoengineering department. 

Darren Lipomi, it has been great having you as an advisor. Thank you for helping me see 

that I was capable and qualified to pursue a PhD. Your knowledge and innovation are inspiring 

and you helped shape the scientist and engineer that I am today. I’m going to miss the lab culture, 

friends, and work environment that I have grown accustom to in the Lipomi group. I look forward 

to continuing our friendship outside of the lab. 



xv 
 

 There are no words sufficient enough to describe the love and support that I have received 

from my mother, Janie. Mom thank you for showing me strength, resilience, and true unconditional 

love. I am only able to reach these heights because I stand on your shoulders, I love you. To my 

stepdad, Sam, thank you for showing me what it means to work hard and take care of a family. I 

attribute my tenacious work ethic to you. My siblings Christopher, Jonathan, and Elizabeth your 

relentless teasing (love) reminds me to never take anything too seriously and the importance of 

family; each of you make me proud. Thank you for being there through the good times and the 

bad, together we can overcome anything. Sarah, Sammy, Prince, and Jessica thank you for always 

being encouraging and supportive throughout my life. To my in-laws Jennifer, Stephen, Cassie, 

and Whitley thank you for your support, you have shown me nothing but love and encouragement. 

Alec and Noelle thanks for welcoming me into your family and treating me like an older brother. 

To my nieces and nephews Leah, Avery, Violet, Coen, and Joey, I love seeing each of you grow 

and become your own person. To Annie, David, Mary, Cathy, Juan Carlos, Mary Ann, Caroline, 

Teresa, and Sonia thank you for always being there in times of need. I love you all. 

 To my wife, Briana, I love you more every day. You are my best friend, gym partner, travel 

buddy, gaming buddy, and favorite person to get food and coffee with. It’s been amazing to grow 

with you as two separate people and become one. Thank you for showing me what it means to be 

loved and for being a continuous, never-ending source of support. I can’t wait to start this next 

chapter in our lives and continue our incredible journey! 

I also include the following acknowledgements below as required by the University of 

California, San Diego. 

 Chapter 1, in full, is a reprint of the material as it appears in Chemistry of Materials, 2015, 

27, 3902-3911. Suchol Savagatrup, Daniel Rodriquez, Adam D. Printz, Alexander B. Sieval, Jan 



xvi 
 

C. Hummelen, and Darren J. Lipomi. American Chemical Society, 2015. Suchol Savagatrup was 

the primary investigator and author of this paper. 

 Chapter 2, in full, is a reprint of the material as it appears in ACS Applied Materials & 

Interfaces, 2016, 8, 11649-11657. Daniel Rodriquez, Suchol Savagatrup, Eduardo Valle, 

Christopher M. Proctor, Caitlin McDowell, Guillermo C. Bazan, Thuc-Quyen Nguyen, and Darren 

J. Lipomi. American Chemical Society, 2016. The dissertation author was the primary investigator 

and author of this paper.  

 Chapter 3, in full, is a reprint of the material as it appears in ACS Applied Materials & 

Interfaces, 2017, 9, 8855-8862. Daniel Rodriquez, Jae-Han Kim, Samuel E. Root, Zhuping Fei, 

Pierre Boufflet, Martin Heeney, Taek-Soo Kim, and Darren J. Lipomi. American Chemical 

Society, 2017. The dissertation author was the primary investigator and author of this paper.  

 Chapter 4, in part, has been submitted for publication of the material as it may appear in 

ACS Macro Letters, 2018. Daniel Rodriquez, James G. Kohl, Pierre Morel, Kyle Burrows, 

Grégory Favaro, Samuel E. Root, Julian Ramirez, Mohammad A. Alkhadra, Cody W. Carpenter, 

Zhuping Fei, Pierre Boufflet, Martin Heeney, Darren J. Lipomi. American Chemical Society, 

2018. The dissertation author was the primary investigator and author of this paper. 

  



xvii 
 

VITA 

2004 – 2009 Information Systems Technician, 2nd Class. United States Navy 
 

2009 Associate of Arts, National University 
 

2014 Bachelor of Science in Nanoengineering, University of California San 
Diego 
 

2015 Teaching Assistant, Department of Electrical Engineering, University of 
California San Diego 
 

2015 Master of Science in Nanoengineering, University of California San 
Diego 
 

2013-2018 Graduate Researcher, University of California San Diego 
 

2018 Doctor of Philosophy in Nanoengineering, University of California San 
Diego 

 

PUBLICATIONS 

Rodriquez, D. Kohl, J. G., Morel, P., Burrows, K., Favaro, G., Root, S. E., Ramirez, J., Alkhadra, 
M. A., Fei, Z., Boufflet, P., Heeney, M., and Lipomi, D. J. “Measurement of Cohesion and 
Adhesion of Semiconducting Polymers by Scratch Testing: Effect of Side-Chain Length and 
Degree of Polymerization.” ACS Macro Letters, 2018, 7, 1003. 
 
Sugiyama, F., Kleinschmidt, A., Kayser, L. V., Rodriquez, D., Finn III, M., Alkhandra, M., Wan, 
J., Ramirez, J., Chiang, A., Root, S. E., Savagatrup, S., Lipomi, D. J. “Effects of flexibility and 
branching of side chains on the mechanical properties of low-bandgap conjugated polymers.” 
Polymer Chemistry, 2018, DOI: 10.1039/c8py00820e. 
 
Sugiyama, F., Kleinschmidt, A., Kayser, L. V., Alkhandra, M., Wan, J., Chiang, A., Rodriquez, 
D., Root, S., Savagatrup, S., Lipomi, D. J. “Stretchable and Degradable Semiconducting Block 
Copolymers.” Macromolecules, 2018, DOI: 10.1021/acs.macromol.8b00846. 
 
Kayser, L. V., Russell, M. D., Rodriquez, D., Abuhamdieh, S. N., Dhong, C., Khan, S., Stein, A. 
N., Ramírez, J., Lipomi, D.J. “RAFT Polymerization of an Intrinsically Stretchable Water-Soluble 
Block Copolymer Scaffold for PEDOT.” Chemistry of Materials, 2018, 30, 13, 4459. 
 
Ramirez, J., Rodriquez, D., Qiao, F., Warchall, J., Rye, J., Aklile, E., Chiang, A. S-C., Marin, B., 
Mercier, P. P., Cheng, C., Hutcheson, K. A., Shinn, E. H., and Lipomi, D. J. “Metallic Nanoislands 
on Graphene for Monitoring Swallowing Activity in Head and Neck Cancer Patients.” ACS Nano, 
2018, 12, 6, 5913. 
 



xviii 
 

Alkhadra, M. A., Kleinschmidt, A. T., Root, S. E., Rodriquez, D., Printz, A. D., Savagatrup, S., 
and Lipomi, D. J., “Mechanical Properties of Semiconducting Polymers,” in Handbook of 
Conducting Polymers, 4th ed., Skotheim, T.A., Reynolds, J. R., Thompson, B. C., Invited book 
chapter, CRC Press, 2018 (in press) 
 
Root, S. E., Carpenter C. W., Kayser, K. V., Rodriquez, D., Davies, D. M., Wang, S., Tan S. T. 
M., Meng, S. Y., Lipomi, D. J., “Ionotactile Stimulation: Nonvolatile Ionic Gels for Human–
Machine Interfaces.” ACS Omega, 2018, 3, 1, 662. 
 
Carpenter C. W., Dhong, C., Root, N. B., Rodriquez, D., Abdo, E. E., Skelil, K., Alkhadra, M. 
A., Ramirez, J., Ramachandran, V. S., Lipomi, D. J., “Human ability to discriminate surface 
chemistry by touch.” Materials Horizons, 2018, 5, 70. 
 
Alkhadra, M. A., Root, S. E., Hilby, K. M., Rodriquez, D., Sugiyama, F., Lipomi, D. J., 
“Quantifying the Fracture Behavior of Brittle and Ductile Thin Films of Semiconducting 
Polymers.” Chemistry of Materials, 2017, 29, 23, 10139. 
 
Root, S. E., Savagatrup, S., Printz, A. D., Rodriquez, D., and Lipomi D. J., “Mechanical 
Properties of Organic Semiconductors for Stretchable, Highly Flexible, and Mechanically Robust 
Electronics.” Chemical Reviews, 2017, 117, 9, 6467. 
 
Rodriquez, D., Kim, J.H., Root, S. E., Fei, Z., Bouffet, P., Heeney, M., Kim, T.S., and Lipomi, 
D. J. “Comparison of Methods for Determining the Mechanical Properties of Semiconducting 
Polymer Films for Stretchable Electronics.” ACS Applied Materials & Interfaces, 2017, 9, 10, 
8855. 
 
Root, S. E., Alkhadra, M. A., Rodriquez, D., Printz, A. D., and Lipomi D. J., “Measuring the 
Glass Transition Temperature of Conjugated Polymer Films with Ultraviolet–Visible 
Spectroscopy.” Chemistry of Materials, 2017, 29, 7, 2646. 
 
Rodriquez, D., Savagatrup, S., Valle, E., Proctor, CM., McDowell, C., Bazan, G. C., Nguyen, 
TQ., and Lipomi, D. J. “Mechanical Properties of Solution-Processed Small-Molecule 
Semiconductor Films.” ACS Applied Materials & Interfaces, 2016, 8, 18, 11649. 
 
Savagatrup, S., Rodriquez, D., Printz, A. D., Sieval, A. B., Hummelen, J. C., and Lipomi, D. J. 
"[70]PCBM and incompletely separated grades of methanofullerenes produce bulk 
heterojunctions with increased robustness for ultra-flexible and stretchable electronics.” 
Chemistry of Materials, 2015, 27, 11, 3902. 
 
Printz, A. D., Savagatrup, S., Rodriquez, D., and Lipomi, D. J. “Role of molecular mixing on the 
stiffness of polymer: fullerene bulk heterojunction films.” Solar Energy Materials and Solar Cells, 
2015, 134, 64. 
 
Savagatrup, S., Printz, A. D., O’Connor, T. F., Zaretski, A. V., Rodriquez, D., Sawyer, E. J., 
Rajan, K., Acosta, R. I., Root, S. E., and Lipomi, D. J. “Mechanical degradation and stability of 



xix 
 

organic solar cells: molecular and microstructural determinants.” Energy and Environmental 
Science, 2015, 8, 1, 55. 
 
Savagatrup, S., Chan, E., Renteria-Garcia, S. M., Printz, A. D., Zaretski, A. V., O’Connor, T. F., 
Rodriquez, D., Valle, E., and Lipomi, D. J. “Plasticization of PEDOT:PSS by common additives 
for mechanically robust organic solar cells and wearable sensors.” Advanced Functional 
Materials, 2015, 25, 3, 427. 
 
Savagatrup, S., Printz, A. D., Rodriquez, D., and Lipomi, D. J. “Best of both worlds: conjugated 
polymers exhibiting good photovoltaic behavior and high tensile elasticity.” Macromolecules, 
2014, 47, 6, 1981. 
 

  



xx 
 

 

 

 

 

ABSTRACT OF THE DISSERTATION 

 

Techniques for Measuring the Mechanical Properties of Organic Semiconductors 

 

by 

 

Daniel Rodriquez Jr 

 

Doctor of Philosophy in Nanoengineering 

 

University of California San Diego, 2018 

 

Professor Darren J. Lipomi, Chair 

 

Mechanical flexibility and deformability are at the core of the advantages offered by 

organic semiconductors. Therefore, an in-depth understanding of the mechanical properties of 

these materials is crucial to the design of robust organic electronic devices such as solar cells, 

sensors, and displays. Since these devices are typically fabricated as thin films, on the order of 200 

nm, it can be difficult to measure the mechanical properties using traditional techniques, such as 
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tensile testing, that require bulk samples. This thesis examines and compares various methods of 

testing the mechanical properties of thin films and correlates the molecular structure of organic 

semiconductors to such properties. Chapter 1 and Appendix A use mechanical buckling and crack-

onset strain techniques to measure the elastic modulus and the strain at fracture in fullerene-based 

semiconductors. These methods were used to examine the effect of incompletely separated grades 

of electron acceptors on the mechanical deformability of organic solar cells in an effort to 

simultaneously improve the mechanical robustness of the organic solar cells and reduce the energy 

of production. Chapter 2 and Appendix B use mechanical buckling, crack-onset strain, and the 

onset of wrinkles (collectively known as film-on-elastomer techniques) to show a decrease in the 

stiffness and an increase in the ductility of small-molecule semiconductors that bear side-chains in 

the backbone structure and compare the results to fullerene-based semiconductors. Chapter 3 and 

Appendix C compare the results from two different methods of measuring thin-film mechanical 

properties; film-on-elastomer and film-on-water methods. The film-on-water method uses water 

to support thin films while conducting a tensile test. These methods were used to measure the 

mechanical properties of poly(3-hexylthiophene) in a range of molecular weight and the results 

were directly compared. In Chapter 4 and Appendix D a technique known as scratch testing was 

used, for the first time, to measure the cohesion and adhesion of semiconducting polymers. The 

cohesive and adhesive strength were measured as a function of the length of the side chain in 

poly(3-alkylthiophenes) and molecular weight in poly(3-hexylthiophene). 

 



1 
 

 

Introduction 

 

 

Techniques for Measuring the Mechanical Properties of Organic Semiconductors 

 

 

Daniel Rodriquez Jr.a 

 

 

a Department of NanoEngineering, University of California, San Diego, 9500 Gilman Drive 

Mail Code 0448, La Jolla, CA 92093-0448. 

  



2 
 

Overview 

 My thesis work is primarily composed of two parts (1) the discovering, implementing, 

and comparing of techniques for measuring the mechanical properties of thin-film organic 

semiconductors and (2) using these techniques to study structure-property relationships in 

organic semiconductors. 

 

Mechanical Properties of Organic Semiconductors 

 Mechanical flexibility and deformability are at the core of the advantages offered by 

organic semiconductors. Most of the applications for which these materials are destined 

require some degree of mechanical compliance. For example, organic semiconductors are 

often associated with large-area and low-cost fabrication techniques such as screen, slot-die, 

and roll-to-roll printing.1–3 Brittle materials cannot withstand the stresses caused by bending 

and thermal expansion during these processes. It has been shown, however, that organic 

semiconductors exhibit a wide range of mechanical behaviour from extremely brittle to highly 

ductile.4 To survive the rigors of roll-to-roll printing, some degree of flexibility and durability 

is required. Additional applications include integration into fabrics and textiles5,6 as well as 

skin-wearable sensors and displays.7 These types of applications require an even larger degree 

of mechanical deformability and may even require stretchability. While the mechanical 

properties of these materials can be easily tuned, there is an interplay between mechanical 

deformability and the electronic performance. Oftentimes it has been shown that the most 

deformable organic semiconductors are also the worst performing. Therefore, there is a 

significant effort in literature to co-optimize both properties (mechanical and electronic) 

simultaneously to realize the full potential of organic semiconductors.8 
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 There are several parameters that affect the mechanical properties of organic 

semiconductors.4 For example, prior studies have shown that increasing the length of the side 

chain in P3ATs lowers the elastic modulus and increases the crack-onset strain.9 This result 

is mainly due to a decrease in the density of the films and a suppression of the glass transition 

temperature, Tg, from above to below room temperature. The Tg is a measure of the mobility 

of polymer chains. Polymers that exist above their Tg are said to exhibit liquid-like behaviour 

and can easily slip past one another under an applied stress. Below the Tg the polymer chains 

behave like a glass and typically exhibit brittle behaviour. The molecular weight of polymer 

semiconductors can also have a profound impact on the mechanical properties.10,11 Prior 

studies have shown that bulk P3HT tapes exhibit larger elongations and greater values of 

toughness at high molecular weight.12 These increases are correlated to an increase in the 

density of entanglements, which are physical linkages of polymer chains, in the amorphous 

domains of the material. Furthermore, there is an increase in the number of tie-molecules, 

which occurs when one polymer chain becomes part of multiple crystallites, in the crystalline 

regions of the polymer. Overall these two effects improve the connectivity in the material and 

raise the energy required for polymer chains to slip past one another under an applied load. 

Additionally, the dispersity of a polymer network can affect the mechanical properties. This 

occurs due to smaller polymer chains behaving as small-molecules and plasticizing the 

material. Amorphous polymer semiconductor films are typically more stretchable than highly 

crystalline films.13 This is due to the ability of the amorphous domains to rearrange and 

plastically deform in response to a stress. 
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Techniques for Measuring the Mechanical Properties of Thin Films 

 Organic semiconductors are typically fabricated as thin films, on the order of 50-500 

nm thick. It is very difficult to manipulate free-standing films of this thickness without the 

material being supported by a substrate. Oftentimes the material will just crumble upon itself 

due to van der Waals forces. Due to their extreme thinness it is difficult to measure their 

mechanical properties using traditional techniques, such as tensile testing, that were intended 

for bulk samples. In addition, organic synthesis of these materials typically only yields small 

quantities on the order of milligrams. However, to attain bulk measurements gram scale 

quantities are needed which is beyond the capability of most academic laboratories. Therefore, 

alternate techniques have been developed to test the mechanical properties of especially thin 

films. 

 

The Buckling-Based Metrology  

 One of the most widely used techniques for testing the mechanical properties of thin 

films is the buckling-based metrology. First demonstrated in 1998 by Whitesides and 

Hutchinson14 and later perfected into a metrology technique by Stafford,15,16 the buckling 

method uses pre-strained elastomeric substrates as a support for thin films. Upon release of 

this strain an instability is formed and manifests as sinusoidal wrinkles on the surface of the 

material in question. The wavelength of these buckles along with the thickness of the film, 

the elastic modulus of the substrate, and the Poisson’s ratio of both the substrate and the film 

can be used to extract the elastic modulus of the thin film under study. This method requires 

a few assumptions to be considered valid; 1) the thickness of the substrate >> thickness of the 

thin film 2) the elastic modulus of the thin film >> the modulus of the substrate 3) pre-strain 
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is within the elastic region of the thin film and 4) the amplitude of the buckles << than their 

wavelength. 

 

Onset of Buckles 

 Buckling can also be used to determine the yield point in thin film materials. The yield 

point is the strain at which plastic (permanent) deformation begins to occur. This method was 

first demonstrated in 2015 by Printz.17 By laminating a thin film onto an unstrained elastomer 

and incrementally and cyclically, loading and unloading the film (i.e. 0 à 1% à 0%, 0 à 

2% à 0%, 0 à 3% à 0%, etc.), surface wrinkles form upon surpassing of the yield point. 

Together with surface wrinkling these two methods can roughly estimate the linear region of 

a stress-strain curve for thin film materials. The area under this region will give a rough 

estimate of the modulus of resilience which is defined as the maximum amount of energy, per 

unit volume, that a material can absorb elastically. 

 

Crack-onset strain 

 The strain at which materials fail is the strain at failure. However, for methods that use 

elastomers as substrates the strain at failure can be artificially high since the substrate can 

redistribute stress away from the film. Instead of labelling the strain at failure, crack-onset 

measurements label the first appearance of cracks in a thin film at a given magnification.18 

There are a few parameters that can affect this measurement such as the adhesion of the thin 

film to the substrate. Additionally, the modulus mismatch between the thin film and the 

elastomeric substrate can affect the measurement.19 In general, a greater elastic mismatch will 

lead to the appearance of cracks at a lower strain. 
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Film-on-Elastomer (FOE) Methods 

 Collectively the buckling-based metrology, the onset of wrinkles, and the crack-onset 

strain measurements are referred to as film-on-elastomer methods. These techniques can be 

used to roughly estimate the key features of a stress-strain curve (elastic modulus, yield point, 

strain at failure). There is not a FOE method that can capture the plastic behaviour of thin 

films between the yield point and the crack-onset strain. However, by estimating a constant 

stress from the yield point to the crack-onset strain very rough estimates of the modulus of 

toughness can be extracted. The modulus of toughness is defined as the maximum amount of 

energy, per unit volume, that a material can absorb before rupturing. 

 

Film-on-water (FOW) Method 

 In 2013, a new technique for measuring the mechanical properties of thin films was 

demonstrated by Kim.20,21 In this method water is used as a pseudo-substrate for supporting 

thin-film materials. Water was chosen for its high surface tension and low viscosity. While 

the film is suspended on the water surface a load cell and a linear actuator can be attached 

using soft elastomeric grips that make van der Waals adhesion with the thin film. A tensile 

test can then be conducted, and a full stress-strain curve is produced. The stress-strain curve 

produced in this technique is not an estimation and is more accurate than the estimated curve 

in the FOE methods. Values for the modulus of resilience and the modulus of toughness can 

be precisely extracted from these curves. This technique is useful for thin-film materials that 

do not degrade or interact with water (i.e. swell or dissolve). However, there is still the 

possibility of using other liquids, such as glycerol, as pseudo-substrates for materials that are 

incompatible with water. 
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Scratch Testing of Thin Films and Coatings 

 Scratch testing is a well-known method that is used industrially to qualitatively 

characterize the cohesion and adhesion of thin films and coatings to substrates.22,23 In a 

progressive load scratch test, a hard indenter tip (typically diamond) is impressed into a 

material with a force that increases linearly with position. Cohesive failure occurs due to 

tensile stress behind the stylus tip and can be observed as cracking or tearing in the material. 

Adhesive failure occurs due to compressive stress in front of the stylus tip and can be observed 

as chipping or delamination away from the substrate. The forces at which cohesive and 

adhesive failure occur are used to compare the cohesion and adhesion of the materials under 

study. Scratch testing is best used as a comparative analysis for the cohesion and adhesion of 

multiple materials to a single substrate or of one material to multiple substrates. 

 

Alternate Methods 

 There are other techniques for measuring thin-film mechanical properties, but these 

methods were not explored in this thesis. A few of these methods will be briefly described 

here. Nano-indentation uses small cantilevers to impress into thin films and measure the force 

response from the material.24,25 The penetration depth along with the shape of the cantilever 

can be used to extract the elastic modulus, stiffness, and hardness of a thin film. Nano dynamic 

mechanical analysis (NanoDMA) is like nano-indentation except the cantilever is oscillated 

at a specific frequency to extract values of the storage and loss modulus.10 Four-point bend 

(FPB)26,27 and double-cantilever beam (DCB)28 measurements have been successfully used to 

extract the critical fracture energy, Gc, of thin films. 
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Organization of Chapters 

 Chapter 1 describes my co-author work on using mechanical buckling and crack-onset 

strain measurements (film-on-elastomer techniques) to study the effect of isomerism and 

purity on the mechanical properties of fullerene-based organic semiconductors and their 

blends with poly(3-hexylthiophene) (P3HT). This study also examines these effects on the 

solar cell performance of these materials when mixed with P3HT. 

 Chapter 2 uses film-on-elastomer techniques to measure the mechanical properties of 

non-fullerene small-molecule organic semiconductors that bear linear alkyl and branched 

alkyl side chains. The solar cell performance of these small-molecule semiconductors was 

also examined in this work. To co-optimize both solar cell performance and mechanical 

deformability, additives of high molecular weight polystyrene and 1,8-diiodooctane were 

used. 

 Chapter 3 is a comparison of two different methods of measuring the mechanical 

properties of thin-film organic semiconductors. The first is a collection of methods known as 

film-on-elastomer (FOE) techniques and is comprised of mechanical buckling (elastic 

modulus), onset of surface wrinkles (yield point), and crack-onset (strain at failure) 

measurements. Together these techniques can be used to roughly estimate the key features of 

a stress-strain curve. The second method, known as the film-on-water (FOW) technique, uses 

water as a pseudo-substrate to support thin films while conducting a tensile test and produces 

full stress-strain curves (not estimates). These techniques were used to measure the 

mechanical properties of P3HT in a range of molecular weights and the results were directly 

compared. 
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 Chapter 4 utilizes a method known as scratch testing, for the first time, to measure the 

cohesion and adhesion of polymer semiconductors to substrates. This study examined the 

effect of side chain length of poly(3-alkylthiophenes) (P3ATs) and molecular weight of P3HT 

on the cohesion and adhesion of these materials to silicon substrates. 
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Abstract 

 An organic solar cell based on a bulk heterojunction (BHJ) of a polymer and a 

methanofullerene ([60]PCBM or [70]PCBM) exhibits a complex morphology that controls both 

its photovoltaic and mechanical compliance (robustness, flexibility, and stretchability). 

Methanofullerenes are excellent electron acceptors, however they have relatively high cost and 

production energy (in the purest samples) compared to other small-molecule semiconductors. 

Moreover, [60]PCBM and [70]PCBM—typical of van der Waals solids—can be stiff and brittle. 

Stiffness and brittleness may lower the yield of working modules in roll-to-roll manufacturing, 

shorten the lifetime against mechanical failure in outdoor conditions, and jeopardize wearable and 

portable applications that demand stretchability or extreme flexibility. This paper tests the 

hypothesis that “technical grade” PCBM (incompletely separated but otherwise pure blends 

containing ≥90% [60]PCBM or [70]PCBM) could lower the cost of manufacturing organic solar 

cells while simultaneously increasing their mechanical stability. Measurements of tensile modulus 

of five methanofullerene samples, “technical grades” and 99% grades of both [60]PCBM and 

[70]PCBM, and a 1:1 mixture [60]PCBM and [70]PCBM, along with their blends with 

regioregular poly(3-hexylthiophene) (P3HT), lead to two important conclusions: (1) Films of pure 

[70]PCBM are approximately five times more compliant than films of pure [60]PCBM; BHJ films 

with [70]PCBM are also more compliant than those with [60]PCBM. (2) Bulk heterojunction films 

comprising technical grades of [60]PCBM and [70]PCBM are approximately two to four times 

more compliant than are films made using 99% grades. Tensile modulus is found to be an excellent 

predictor of brittleness: BHJs produced with technical grade methanofullerene accommodate 

strains 1.4 to 2.2 times greater than those produced with 99% grades. The smallest range of 

stretchability was found for BHJs with 99% [60]PCBM (fracture at 3.5% strain), while the greatest 
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is found for technical grade [70]PCBM (11.5% strain). Mechanical properties are correlated to the 

microstructures of the blended films informed from analyses of UV-vis spectra using the weakly 

interacting H-aggregate model. Photovoltaic measurements show that solar cells made with 

technical grade [70]PCBM have similar efficiencies to those made with higher-grade material, but 

with decreased cost, and increased mechanical robustness. 

 

1.1 Introduction and Background 

1.1.1 Methanofullerenes in organic solar cells. 

Increasing the mechanical compliance of organic semiconductors in a way that does not 

sacrifice electronic performance will accomplish two goals. The first goal is to improve the lifetime 

against mechanical failure for printed, flexible devices.1 The second goal is to enable a new class 

of ultra-flexible and intrinsically stretchable devices for portable, lightweight power sources,2 

wearable and implantable health monitors,3 and fracture-proof consumer electronics.4 One 

important application of organic semiconductors is the organic solar cell, in which fullerenes and 

their derivatives are present in all of the most efficient devices produced to date.5 The high electron 

mobilities of fullerenes,6 the solubility of methanofullerenes (e.g., [60]PCBM and [70]PCBM, 

Figure 1.1), high rates of charge transfer,7 and their spherical (or quasi-spherical) shape, which 

permits transfer of an electron from any direction, suggest that fullerenes will continue to be the 

material of choice for a variety of applications. These materials, however, have high embodied 

energy in their purest form,8,9 and polymer:methanofullerene bulk heterojunction films are stiffer, 

more brittle, and have lower cohesive energy in comparison to films of the pure polymer.10–12 

Additionally, the high energies of production (because of the resources needed to separate them 

by chromatography) are correlated with the high cost of methanofullerenes (compared to 
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conjugated polymers and small molecules, such as copper phthalocyanine).9 We hypothesized that 

disorder introduced into BHJ films in the form of isomers or mixed sizes within the PCBM phases 

would affect the mechanical properties of polymer:methanofullerene bulk heterojunction blends, 

which will influence the yield of working devices during roll-to-roll coating13 and the lifetime 

against mechanical failure in outdoor or portable environments, or in stretchable and ultra-flexible 

applications.1,14 Using “technical grades” of PCBM,15–17 in which the C60 and C70 derivatives are 

incompletely separated but otherwise pure, it might be possible to address two problems at the 

same time: reducing the cost and production energy of organic solar cells, and simultaneously 

increasing the mechanical resilience. While our group and others have examined the role of the 

polymer in determining the deformability of the active components in ultra-compliant systems, the 

role of small molecule semiconductors—of which methanofullerenes may be the most prominent 

class—has not been explored.  

 
Figure 1.1. Chemical structures of P3HT and the methanofullerenes studied. Isomers of [70]PCBM 
depicting the structures of the chiral α-type isomer (left) and the two possible β-type isomers (right). The 
α-type isomer is present in 85% and the two β-type isomers are present in approximately equal amounts. 
More isomers exists in theory (not in figure), but at most in very small amounts (from HPLC and 1H NMR) 
(see also ref. 18). 
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1.1.2 Embodied energy of methanofullerenes. 

Fullerenes have high energies of production, in part, because they need to be separated 

from the carbon soot produced by the two common methods of production: pyrolysis (of toluene 

or tetralin) or arc plasma with graphite as a feedstock.9 According to the analysis by Anctil et al., 

pyrolysis requires 146 kg tetralin to produce 1 kg of C60 and 0.78 kg of C70.9 C70 has a greater 

production energy than does C60 largely because C70 is more difficult to separate from higher-order 

fullerenes than is C60; the purification steps (from 95% to 99.9% purity) increase the embodied 

energy of C60 by a factor of two and of C70 by a factor of three.9 The net result is that the embodied 

energies of [60]PCBM and [70]PCBM (after functionalization of the fullerene core) at 99.9% 

purity are 65 GJ kg–1 and 90 GJ kg–1, respectively.9 (While these values are nearly an order of 

magnitude higher than those of polysilicon,19 methanofullerenes are present in much smaller 

absolute amounts in organic solar cells than polysilicon is present in conventional cells.) The 

contribution of methanofullerenes to the cumulative energy demand of an entire module, however, 

is substantial: from 19% to 31%, depending on the choices of other materials in devices in which 

the electron donor is a polymer.20 Substantial savings in embodied energy (which correlates well 

with cost for manufactured products)9 are thus possible if one can use mixtures of 

methanofullerenes. The use of these mixed methanofullerene derivatives (technical grades) will 

produce different morphologies in bulk heterojunction films than will highly purified samples. For 

example, Andersson et al. showed a drastic change in the morphology of a polymer:[60]PCBM 

blend with the addition of <10% [70]PCBM to the methanofullerene component.15 One expects 

these different morphologies to affect not only the electronic performance of the blend, but also 

its compliance and mechanical stability,15,21 through the effect of increased free volume in 

mixtures of molecules of different sizes or isomers.  
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1.1.3 Mechanical properties and morphology of the bulk heterojunction. 

Organic semiconductors exhibit a wide range of tensile moduli, ranging from 30 MPa to 

16 GPa,11 and propensity to fracture, from <2.5% strain to greater than 150% strain on elastic 

substrates.22 This disparity suggests that modules composed of different organic semiconductors 

may have unequal yields during mechanically rigorous roll-to-roll manufacturing processes, 

unequal lifetimes in the environment, and unequal amenabilities to stretchable and ultra-flexible 

applications.23 One key determinant of the variation in mechanical properties in the active layer of 

an organic solar cell is the morphology of the donor-acceptor bulk heterojunction. Morphology 

refers to the details of molecular mixing, the texture and degree of crystallinity of the phases, and 

the extent of phase separation.24 These key parameters have a large influence on the power 

conversion efficiencies of organic solar cells, given materials with good charge-transport 

properties, complementary absorption, and favorable relative positions of their frontier molecular 

orbitals. It has been shown that the mechanical properties of bulk heterojunction systems 

comprising conjugated polymers and small molecules are influenced by many aspects of the 

chemical structure (e.g., the presence of the fused or isolated rings in the main chain,25,26 length 

and the composition of pendant groups,10,27 size and intermolecular forces within crystallites)22 

and microstructural order (e.g., the addition of methanofullerene,10,11,21,25–27 intercalation of 

methanofullerenes between side chains of polymers,28,29 effect of processing conditions,21 

presence of plasticizing additives).10,30 One aspect of the makeup of the bulk heterojunction whose 

effects on the mechanical properties have not been explored is the makeup (i.e., size and purity) 

of the methanofullerene phase.  

We thus investigated two methanofullerene derivatives—[60]PCBM and [70]PCBM—at 

two different grades—99% grade, and technical grades (≥90% either [60]PCBM or [70]PCBM, 
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and the remainder the other) along with their blends with regioregular poly(3-hexylthiophene) 

(P3HT). The hypothesis that guided our experiments was that the use of methanofullerene samples 

with technical grades of [60]PCBM and [70]PCBM (i.e., incomplete separation of C60 and C70 

derivatives) would form BHJ films with greater compliance than films in which the 

methanofullerene sample was of 99% grade. We measured two mechanical properties, the tensile 

modulus and the ductility (as manifested in the crack on-set strain), of P3HT:methanofullerene 

films before thermal annealing (as-cast, AC) and after thermal annealing (annealed, AN), as well 

as pure methanofullerene films. The tensile moduli were measured using the mechanical buckling 

technique.31,32 The crack on-set strains were used to measure the ductility of the film on a 

stretchable substrate. We observed trends in the mechanical properties that were correlated with 

the microstructures of the blended films informed from analyses of UV-vis spectra using the 

weakly interacting H-aggregate model. Our results led us to conclude that it is possible to increase 

the mechanical compliance of a bulk heterojunction film by using technical grade 

methanofullerenes (thereby lowering the cost and embodied energy), which produce statistically 

similar photovoltaic efficiencies.  

 

1.2 Results and Discussion 

1.2.1 Mechanical properties of pure methanofullerene and bulk heterojunction films. 

We measured the tensile moduli of films using the buckling technique.11,31 Briefly, the film 

of interest was spin-coated onto passivated glass slide, then transferred to an elastomeric substrate 

bearing a small tensile pre-strain. The pre-strain was then released, and the resulting compression 

forced the film to adopt buckles. For the bulk heterojunction films, the tensile modulus of each 

film, Ef, was calculated from the measured buckling wavelength, λb, the thickness of the film, df, 
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the tensile modulus of the substrate, Es, and the Poisson’s ratios of the film and the substrate, νf 

and νs, using equation 1: 

𝐸$ = 3𝐸' (
1 − 𝜐$,

1 − 𝜐',
- .

𝜆0
2𝜋𝑑$

4
5

					 (𝟏) 

However, the high stiffness and brittleness of the pure methanofullerenes caused the films 

to fracture when the pre-strain was released; this damage precluded accurate measurements.10,33 

To avoid this problem, we performed the measurement on a bilayer system comprising a 

PEDOT:PSS film and the pure methanofullerene film. We chose the layer of PEDOT:PSS as the 

second layer to behave as a substrate with favorable surface energy and allow for a uniform film 

of pure methanofullerene. Studies on the interface mixing of PEDOT:PSS and the layer of 

P3HT:PCBM by Huang et al.34 and Dupont et al.35 have shown that very little methanofullerene 

diffuses into PEDOT:PSS at room temperature, and thus we assumed the presence of a distinct 

interface. We then used equation 2 to calculate the modulus of the methanofullerene film (Ef,2) 

(Figure 1.2a, dark grey bars) from the effective modulus of the bilayer (Eeff) and the modulus of 

the PEDOT:PSS film (Ef,1);32 both Eeff and Ef,1 are obtained separately via the typical buckling 

method. (A detailed explanation of the calculation is provided in the Supporting Information.)  

𝐸9$$ = 	
1 + 𝑚,𝑛= + 2𝑚𝑛(2𝑛, + 3𝑛 + 2)

(1 + 𝑛)5(1 +𝑚𝑛) 𝐸$,?; 	where	𝑚 =
𝐸$,,
𝐸$,?

, 	𝑛 =
𝑑$,,
𝑑$,?

							(𝟐) 

From the results summarized in Figure 1.2a and Table 1.1, the moduli of the pure 

[60]PCBM films were higher than the pure [70]PCBM films for both technical grade (Tech. Gr.) 

and 99% samples. We attributed this observation to the greater tendency of [60]PCBM to pack 

efficiently and to crystallize.36,37 The difference in behavior is consistent with the presence of 

isomers in [70]PCBM, which hinder efficient packing. Importantly, we observed that technical 

grade [60]PCBM had a lower modulus than 99% [60]PCBM. The average value for technical grade 
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[70]PCBM was somewhat lower than for 99% [70]PCBM, but within experimental error. In 

addition, we observed that value of the 1:1 mixture of [60]PCBM and [70]PCBM sat between the 

values of the technical grades of [60]PCBM and [70]PCBM.  
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Figure 1.2. Mechanical properties of the bulk heterojunction and pure methanofullerene films, arranged 
from left to right in order of increasing content of [70]PCBM. (a) Tensile moduli of films tested in this 
work. The dark gray bars represent the tensile moduli of pure methanofullerene films as obtained from the 
bilayer method. The bilayer systems consisted of PEDOT:PSS/methanofullerene. The light gray bars and 
gray bars represent the moduli of blends of P3HT:methanofullerene (1:1 ratio) spin-coated from chloroform 
solution for both as-cast and annealed films. The value of the tensile modulus of the pure P3HT film 
measured in parallel to these experiments was 0.55 ± 0.09 GPa. (b) Uniaxial crack-onset strains of the thin 
films transferred onto PDMS substrate. All pure methanofullerene films cracked at strains below 0.5%. (c) 
Plot of the correlation between crack-onset strains and tensile moduli of all the films tested. 
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Table 1.1. Summary of tensile moduli of the methanofullerene films tested in this work from measurement 
with the buckling-based method and the bilayer technique.† The value of the pure as-cast P3HT used in this 
experiment, obtained in parallel, was 0.55 ± 0.09 GPa.  
 

Materials 
Tensile modulus (GPa) 

[60]PCBM         
(99%) 

[60]PCBM        
(Tech. Gr.) 

1:1 
Mixture 

[70]PCBM        
(Tech. Gr.) 

[70]PCBM       
(99%) 

Pure methanofullerene§ 25.6 ± 1.95 17.5 ± 1.55 9.86 ± 0.91 5.13 ± 0.50 5.39 ± 1.42 
P3HT:methanofullerene        
(1:1, As-cast) ‡ 1.37 ± 0.19 0.77 ± 0.11 0.58 ± 0.13 0.67 ± 0.07 2.72 ± 0.40 

P3HT:methanofullerene        
(1:1, Annealed) ‡ 4.37 ± 1.13 2.39 ± 0.29 1.53 ± 0.44 1.76 ± 0.04 3.21 ± 0.06 

† The bilayer technique uses the buckling-based method to obtain the effective modulus of the bilayer system 
comprising a layer of PEDOT:PSS film (modulus obtained separately) and pure methanofullerene film, and then backs 
out the modulus of the pure methanofullerene film. § Obtained from the modified bilayer technique.  ‡ Obtained from 
conventional buckling-based method.  
 
Table 1.2. Summary of crack-onset strains of the thin films when transferred onto PDMS substrate.  
 

Materials 
Crack-onset strain (%) 

[60]PCBM        
(99%) 

[60]PCBM         
(Tech.Gr.) 

1:1 
Mixture 

[70]PCBM        
(Tech. Gr.) 

[70]PCBM       
(99%) 

Pure methanofullerene < 0.5 < 0.5 < 0.5 < 0.5 < 0.5 
P3HT:methanofullerene       
(1:1, As-cast) 

3.5 ± 0.58 7.75 ± 0.98 14.7 ± 1.53 11.5 ± 1.29 5.25 ± 0.96 

P3HT:methanofullerene        
(1:1, Annealed) 

1.25 ± 0.5 1.75 ± 0.5 5.0 ± 1.0 4.0 ± 0.82 1.5 ± 0.58 

 

We then characterized the mechanical properties of the P3HT:methanofullerene blends. 

We used a single polymer (regioregular P3HT) to isolate the effects of the methanofullerene. We 

selected regioregular P3HT because it is the most widely studied material in the literature for bulk 

heterojunction OPV devices.38 While it has not produced state-of-the-art values of PCE in several 

years39 (though some recent reports have been favorable),40 it seems to be especially amenable to 

scale-up by roll-to-roll coating41 because it works well in relatively thick films, and it has a low 

cost due to its short synthetic route.8,42 Moreoever, the morphology of P3HT when mixed with 

[60]PCBM is the basis for many studies in the field,38 and the mechanical properties of pure P3HT 

and P3HT:[60]PCBM films have been well characterized.10,11,21,25 In previous publications by our 

group, we reported the tensile modulus of pure P3HT to be 1.09 ± 0.15 GPa.10 This value was in 
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the range of those reported by various groups, or 0.22 to 1.33 GPa.11,21,25 The modulus of the batch 

of pure P3HT used in this study was 0.55 ± 0.09 GPa, approximately half the value we obtained 

in our previous study.10 We attribute the differences in moduli commonly obtained for P3HT (and 

generally not other materials) primarily to the closeness of its glass transition temperature (Tg = 

12–25 °C)43,44 to ambient temperature, and possibly to the sensitivity of its Tg to batch-to-batch 

variability. Our principal concern, however, was not with the absolute values of the tensile moduli, 

but with the effects of the methanofullerene component.  

Figure 1.2a shows the tensile modulus of the BHJ films, and Table 1.1 summarizes the 

tensile moduli of the films tested in this work. The crack-onset strains (Figure 1.2b) correlate well 

with the measured tensile moduli: films with higher modulus are more brittle (Figure 1.2c). While 

we note that the crack-onset strains provide a measurement of the apparent brittleness of the active 

layer films, the mechanical properties of complete solar cell devices will be dependent not only on 

the P3HT:methanofullerene actively layer, but also on all other components of the device (e.g. the 

substrate and the electrode). However, in the case that the substrate and the electrode are more 

compliant than the active layer,30 the active layer will be the limiting factor in the mechanical 

compliance and robustness of solar cell devices. In stretchable devices for wearable or biologically 

integrated applications, all components must accommodate tensile strain in a specified range.  

The data in Figure 1.2 reveal four salient features: (1) all BHJ films were stiffer than films 

of the pure polymer (consistent with previous results10,11,21,25); (2) thermal annealing increased the 

stiffness of all BHJ films;22,27 (3) technical grade methanofullerenes and 1:1 mixture of [60]PCBM 

and [70]PCBM produced lower moduli in the BHJ films; (4) films containing principally 

[70]PCBM were more compliant than films containing principally [60]PCBM given the same 

thermal history in three of four cases. The following discussion attempts to explain these key 
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observations using spectroscopic and photovoltaic measurements, and arguments from the 

literature.  

 

1.2.2 Stiffening effect of methanofullerenes on the pure polymers. 

The current model of the bulk heterojunction, which has been derived principally from 

blends of poly(3-alkylthiophene) (P3AT) and [60]PCBM, comprises a three-phase system: an 

aggregated polymer-rich phase, a methanofullerene-rich phase, and a well-mixed amorphous 

phase.38 The mixed phase forms as a consequence of the miscibility of methanofullerene molecules 

within the amorphous domains of the polymer,45,46 and thus the current model predicts the absence 

of pure amorphous polymer domains in P3HT:PCBM films. In a compelling visualization of the 

evolution in morphology of the BHJ, Roehling et al. used electron-tomographic three-dimensional 

reconstructions of a blend before and after annealing (using an endohedral methanofullerene for 

phase contrast), and showed a clear reduction of the fraction of the mixed phase.47 The ratio of 

phases within the ternary system went from (P3HT:methanofullerene:mixed) 28:28:44 (as-cast) to 

50:37:13 (annealed), or “mostly mixed” to “mostly crystalline P3HT.”47  

The crystalline phases of methanofullerenes have been characterized in detail.48 In 

particular, Zheng et al. observed a striking evolution in crystalline morphology in pure [60]PCBM 

films from needle-like, to axialite, to faceted crystalline slices.49 A similar transformation was 

observed in crystallites grown in the interface between a solvent and a non-solvent.50 In blended 

films of P3HT:[60]PCBM, Verploegen et al. used grazing incidence X-ray scattering (GIXS) to 

measure the evolution in crystallization of the two components during thermal annealing, and 

observed diffraction peaks consistent with crystalline [60]PCBM.36 Indeed [60]PCBM is known 

to form crystals upon extended annealing that are large enough to be visible by optical 
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microscopy.51 Thus, the current model predicts that the [60]PCBM-enriched phase in the bulk 

heterojunction is at least partially crystalline.38 Due to the presence of isomers in [70]PCBM, 

however, has not been observed to crystallize in neat films or in blends. The disorder in [70]PCBM 

was the basis of our hypothesis that the larger methanofullerene might produce films with reduced 

stiffness.  

In every instance in which the moduli of pure conjugated polymers and their blends with 

fullerenes are reported in the same paper, the blends are stiffer than the pure polymer.10,11,21 The 

mechanical properties of pure P3ATs are influenced, among other factors, by the degree of 

crystallinity and the Tg of the amorphous domains relative to ambient temperature. The proximity 

of Tg to ambient temperature suggests that the temperature at which experiments are carried out is 

near the high end of the range in which P3HT is in the glassy state. While the ordered domains of 

P3HT are generally unaffected by the presence of methanofullerenes in BHJ films,52 the pure 

amorphous phase of the polymer is consumed by methanofullerene to form the mixed phase. 

Methanofullerene molecules not dispersed in the mixed phase form a third, methanofullerene-

enriched phase that is either amorphous or partially ordered (in the case of [60]PCBM, which can 

pack efficiently because it is a single isomer). Differences in mechanical properties between the 

pure polymer and the BHJ can thus be attributed to the effects of the mixed phase and the 

methanofullerene-enriched phase. Because the pure methanofullerene films are stiffer than either 

pure P3HT or the corresponding BHJ, we predicted that the methanofullerene-enriched domains 

behave as stiff inclusions within the BHJ film. We also suspect that the mixed phase in a BHJ film 

is stiffer than the amorphous phase in pure P3HT. This behavior is consistent with the observation 

by Hopkinson et al., and confirmed by us, that the addition of [60]PCBM increases Tg of P3HT—

i.e., [60]PCBM is an anti-plasticizer.53 The high modulus of the P3HT:[60]PCBM blend relative 
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to the pure polymer is also predicted on the basis of the composite theory applied to BHJ films by 

Tahk et al.,11 but the agreement may be serendipitous because it does not take into account the 

presence of pure, unmixed phases. In a separate study, our group has shown that the ratio of the 

polymer to methanofullerene also strongly influenced the mechanical properties of the resulting 

BHJ films; the tensile modulus increased when the weight percentage of methanofullerene was 

increased from 0% to 50%.54  

 

1.2.3 Stiffening effect of thermal annealing. 

A trade-off between electronic and mechanical properties has been observed in the context 

of thermal history of organic semiconductors.21 Generally, post-processing treatment such as 

thermal annealing increases the crystallinity of the materials, which usually improves the electrical 

properties while in some cases increases the stiffness. For example, films of PBTTT doubled in 

tensile modulus after thermal annealing,22 while pure P3HT films exhibited a minimal change in 

modulus.21,25 The effect of thermal annealing of pure polymer films on the mechanical properties 

is thus not generalizable. Polymer:methanofullerene blends, however, have been consistently 

shown to increase in tensile modulus with thermal treatment.27 The origin of the increase in 

modulus is the thermally evolved microstructure of the ternary blend. As-cast P3HT:PCBM films 

are characterized by low order and a large percentage of mixed phase. 

An increasing volume fraction of ordered polymer and methanofullerene-enriched phases 

should be correlated with an increase in modulus of the blended film. Order in P3HT can be 

determined using a widely practiced method, based on the work of Spano and coworkers, who 

showed that the UV-vis spectra of the polymer can be deconvoluted into contributions from the 

aggregated (i.e., ordered) and amorphous phases utilizing the weakly interacting H-aggregate 
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model.55 The ratio of these contributions, after taking into account the unequal absorption 

coefficients of the ordered and the amorphous domains, can be used to determine the percent 

aggregated polymer. To analyze the order of different P3HT:methanofullerene blends, we first 

obtained the UV-vis spectra of the blend and then subtracted the absorption of the pure 

methanofullerene. Figures 1.3a and 1.3b show the evolution in the ultraviolet-visible (UV-vis) 

spectra of the P3HT component of the P3HT:methanofullerene blends. The absorption due to the 

methanofullerenes was approximated as the absorption of thin films of the methanofullerenes 

(prepared in the same manner as the blends) and subtracted from the spectra of the blends.21,56 

(Before subtraction, the methanofullerene absorption spectra were normalized to the peaks at 335 

nm for [60]PCBM and 379 nm for [70]PCBM.) Though this method of subtraction overestimates 

the methanofullerene contribution to the absorption spectra, it has a minimal effect on the strongly 

absorbing regions of P3HT. (While we note that [70]PCBM is more strongly absorbing in the 

visible region than [60]PCBM, the absorbance is still dominated by the P3HT component of the 

blend in the visible region.) The absence of vibronic peaks (longer-wavelength shoulders) in the 

as-cast films suggests the absence of ordered aggregates of pure polymer. A clear increase in order 

upon thermal annealing is observed from the differences in the UV-vis spectra. To obtain the 

percent of the polymer in the aggregated phase of the annealed films, we used a MATLAB program 

to perform a least-squares fit of the weakly interacting H-aggregate model to the experimental 

data. This method was introduced by Clark et al. and later used by Awartani et al. to correlate 

microstructure to mechanical properties,21,57 and produces consistent fits that are relatively 

insensitive to the range of bounds for the fit (as long as it is performed in the strongly absorbing 

region for aggregated polymer).56 The morphology as assayed by UV-vis was not dependent on 

the substrate: spin-coating the BHJ films on glass treated with oxygen plasma, passivated with a 
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fluorinated silane monolayer, or on glass bearing a film of PEDOT:PSS produced indistinguishable 

UV-vis spectra (Figure C.1, Supporting Information). 

 

Figure 1.3. Absorption of P3HT:methanofullerene thin films after annealing treatment with the 
methanofullerene signal subtracted. (a) P3HT with [60]PCBM for 99% grade and technical grade (Tech. 
Gr.) along with the 1:1 mixture of [60]PCBM and [70]PCBM. (b) P3HT with [70]PCBM for technical 
grade (Tech. Gr.) and 99% grade. (c) Percent aggregate of the P3HT:methanofullerene films as calculated 
via the weakly interacting H-aggregate analysis. (d) Example of deconvolution of the absorption spectra 
using the weakly interacting H-aggregate analysis. 
 

1.2.4 Effect of incomplete separation of [60]PCBM and [70]PCBM in technical grades. 

Enrichment of [60]PCBM and [70]PCBM from technical grade to 99% increased the 

tensile modulus of the resulting films. We attributed this effect to two factors. The first factor is 

that neat films of the technical grade methanofullerenes had lower tensile moduli (though the 
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moduli of neat films of technical grade [70]PCBM and 99% [70]PCBM were within error, those 

of the corresponding BHJ films were not). If the packing structures of the methanofullerene-

enriched phases in the BHJ films resemble those of the neat methanofullerene films, then it stands 

to reason that the stiffening effect of the methanofullerene-rich inclusions would be reduced for 

technical grade samples in the BHJ films. One possible reason for decreased stiffness of the 

technical grade samples may be a consequence of less efficient packing of methanofullerenes in 

the presence of molecules of the “wrong” size. There may be a differential stiffening effect 

between [60]PCBM and [70]PCBM on the mixed phase of the BHJ, which may account for the 

fact that the moduli of the BHJ comprising technical grade [70]PCBM were less stiff than the one 

comprising 99% [70]PCBM, even though the moduli of the neat [70]PCBM films of both grades 

were similar. We admit to some uncertainty in rationalizing the greater modulus (though also 

greater ductility) of the as-cast P3HT:methanofullerene blend comprising 99% [70]PCBM 

compared to that of the as-cast blend comprising 99% [60]PCBM, especially in light of the 

significantly lower modulus of unblended 99% [70]PCBM compared to 99% [60]PCBM. We note 

however, that the mechanical properties will not necessarily be proportional to the modulus of the 

pure methanofullerene component, because differences observed between blended films 

comprising [60] and [70]PCBM are dependent on at least four factors: (1) unequal miscibility of 

[60]PCBM and [70]PCBM in amorphous P3HT; (2) unequal anti-plasticization even given the 

same miscibility; (3) unequal influence on the aggregation behavior of the polymer; and (4) 

packing structures—and thus mechanical properties—within the methanofullerene-enriched 

phases that do not necessarily resemble those in the neat methanofullerene films. Ultimately, the 

expected behavior was recovered upon annealing. That is, the annealed blend comprising 99% 
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[70]PCBM had a lower modulus and greater ductility than the annealed blend comprising 99% 

[60]PCBM. 

Another factor that may account for increased modulus of the BHJ film for 99% grade 

methanofullerenes is the increase in the order within the polymer phase induced by the higher-

grade methanofullerene. Analysis of the spectra shown in Figures 1.3a and 1.3b by the weakly 

interacting H-aggregate model21,27,55 reveal that the percent aggregate of the polymer increases 

from 44.6% to 45.2% (for technical grade [60]PCBM to 99% [60]PCBM) and from 41.2% to 

44.0% (for [70]PCBM technical grade to [70]PCBM 99%) (Figure 1.3c). The reason that the 

ordered polymer phase increased with increasing purity of the methanofullerene is not immediately 

clear. We tentatively assigned this effect, nevertheless, to the expectation that efficient packing of 

methanofullerene-enriched phases might remove methanofullerenes from the mixed phase, and 

thus permit additional polymer chains to form aggregates, which are correlated with stiffer films. 

 

1.2.5 Effect of methanofullerene size and isomerism. 

Increasing the size of the fullerene core, from [60]PCBM to [70]PCBM, decreased the 

tensile moduli of the resulting blended films. While holding the grade and the post-treatment of 

the film constant, the moduli of the P3HT:methanofullerene films were lower in [70]PCBM 

samples compared to [60]PCBM samples (with one exception out of four pairs, the as-cast BHJ 

film made with 99% grade [60]PCBM was more compliant than the as-cast BHJ film made with 

99% grade [70]PCBM, though the relationship was reversed after annealing). We attributed the 

lower compliance of BHJs comprising [70]PCBM compared to [60]PCBM principally to the 

presence of isomers of [70]PCBM, which impede crystallization. As shown in Figure 1.1, 

[70]PCBM exists as isomers because C70 has D5 symmetry.  
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1.2.6 Photovoltaic properties. 

We then measured the photovoltaic properties of the four BHJ blends for which we 

obtained mechanical data. We fabricated the devices by mixing the methanofullerenes in a 1:1 

ratio with P3HT, using o-dichlorobenzene (ODCB) as the solvent. Given our ultimate interest in 

systems in which every component is stretchable, we chose PEDOT:PSS, doped with DMSO and 

Zonyl,27 as the transparent anode, and eutectic gallium-indium (EGaIn) as the cathode. Figure 

1.4a shows the current density vs. voltage (J-V) plots and Table 1.3 summarizes the figures of 

merit. We observed increases in the short-circuit current (Jsc) in devices comprising [70]PCBM 

when compared to those with [60]PCBM. The observation agreed well with previously published 

results.15–17 The effect of purity on Jsc and Voc between the same methanofullerene size were 

minimal—similar values were obtained from [60]PCBM with technical grade and 99% grade as 

well as [70]PCBM with technical grade and 99% grade. However, in this study, the 99% 

[60]PCBM produced an increase in the fill factor (FF) and therefore the power conversion 

efficiency (PCE), compared to technical grade [60]PCBM. The difference in performance between 

technical grade [70]PCBM and 99% [70]PCBM was within experimental error. The only 

methanofullerene sample of the four measured with statistically lower PCE than the other three 

was technical grade [60]PCBM. 

External quantum efficiency (EQE) of the devices are shown in Figure 1.4b. The effect of 

the size of the methanofullerenes were observed to be similar to that on the Jsc. High EQE values 

were observed in devices prepared from both technical grade and 99% [70]PCBM, suggesting that 

the photon-electron conversion processes are efficient. The purity of the methanofullerene 

increased the EQE values slightly, however the trend in the EQE values generally corresponded 
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with the PCE values obtained in the solar cells. We calculated the expected short-circuit current 

(JSC,Calc), shown in Table 1.3, using the following equation: 

𝐽GH,HIJK = L𝑒	𝐸𝑄𝐸(𝜆)	𝑁P(𝜆)	𝑑𝜆										(𝟑) 

Where e is the elemental charge, λ is the wavelength, EQE(λ) is external quantum efficiency, and 

Np(λ) is the total number of incident photons per second per square centimeter, obtained from the 

reference solar spectral irradiance AM 1.5G. The differences in the calculated JSC between 

technical grade and higher purity samples were small, 8% for [60]PCBM and 5% for [70]PCBM.   

We also observed that our measured JSC are lower than the calculated values, though within the 

20% error margins outlined by Zimmermann et al.58  

 

Figure 1.4. (a) Photovoltaic characteristic of averaged devices (N ≥ 8) with an active layer of 1:1 blend of 
P3HT and respective methanofullerenes. The architecture of the devices was 
PEDOT:PSS/P3HT:methanofullerene/EGaIn. (b) External quantum efficiencies of the devices with the 
same composition. 
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Table 1.3. Summary of the photovoltaic figures of merit for P3HT:methanofullerene solar cells fabricated 
in this work (N ≥ 8) † 
 

Device VOC                  

(mV) 
JSC                        

(mA cm–2) 
FF                
(%) 

PCE             
(%) 

JSC, calc 
from EQE         
(mA cm–2) 

P3HT:[60]PCBM (99%) 602 ± 5.5 6.74 ± 0.2 59 ± 3.0   2.36 ± 0.2 8.27 
P3HT:[60]PCBM 
(Tech.Gr.) 

602 ± 3.7 6.60 ± 0.4 48 ± 4.8 1.89 ± 0.2 7.58 

P3HT:[70]PCBM 
(Tech.Gr.) 

598 ± 11.2 7.41 ± 0.3 53 ± 1.7 2.35 ± 0.1 8.92 

P3HT:[70]PCBM (99%) 606 ± 7.5 7.47 ± 0.4 55 ± 1.3 2.48 ± 0.1 9.40 
†The solar cell device architecture was PEDOT:PSS/P3HT:methanofullerene/EGaIn. PEDOT:PSS, doped with 7% 
DMSO and 0.1% Zonyl, was spin-coated to create a layer of ~150 nm thick. The active layer was spin-coated from a 
solution of 1:1 P3HT:methanofullerene in ODCB (40 mg mL–1) and thermally annealed at 125 °C in an inert 
atmosphere. EGaIn droplets were extruded to create the active area of ~0.02 cm–2.  
 
1.3 Conclusion 

Organic solar cells are in principal capable of producing substantial amounts of renewable 

energy at low cost, but only if they can be made in high yield using techniques for high-speed (e.g., 

roll-to-roll) manufacturing. Furthermore, organic solar cells have the potential to occupy niches in 

ultra-flexible, stretchable, wearable, collapsible, and portable applications, which would not be 

amenable to conventional—or even other thin-film—technologies. Mechanical compliance is 

often assumed for organic optoelectronic devices because of the ability to bend thin films to small 

radii of curvature. The mechanical properties, however, are not favorable for every organic 

semiconductor; it is important to understand these properties to mitigate potential routes of 

mechanical failure during fabrication and use in the outdoor environment (due to the forces of 

thermal expansion, wind, and precipitation, for example) and to enable stretchable and ultra-

flexible applications. All applications demanding moderate to extreme mechanical deformation, 

however, require elucidation of the interplay between molecular structure and microstructure, and 

their influence on the mechanical properties of organic semiconductors.  

This paper explored the effect of the size and the extent of mixing of two ubiquitous 

methanofullerene materials on the mechanical properties of organic solar cells. Our analysis, 
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summarized in Figure 1.5, illustrates the effect of the extent of mixing on the mechanical 

properties of polymer:methanofullerene bulk heterojunction blends. In particular, use of technical 

grade [70]PCBM instead of 99% [60]PCBM increased the stretchability by a factor of three (from 

a crack-onset strain of 3.5% to 11.5%). This increase in compliance would, for example, 

substantially increase the range of tensile strains available in a wearable or portable device. The 

influence on flexibility is also significant: the less compliant film on the surface of a substrate with 

a thickness of 200 µm could be wrapped around a cylinder with a diameter of approximately 6 mm 

without fracture, while the more compliant film could be wrapped around a cylinder with a 

diameter of approximately 2 mm. Increased deformability should also increase the lifetime against 

damage during repeated loading.  

While an earlier study found no statistically significant influence of the ratio between 

[60]PCBM and [70]PCBM of several methanofullerene derivatives on the power conversion 

efficiency of the P3HT:methanofullerene OPV devices,15–17 the photovoltaic measurements in this 

study suggest that devices made using [70]PCBM of lower grade may be slightly but not 

substantially less efficient than those made using materials of higher grade. We note however, in 

contrast to earlier studies, that we used ITO-free anodes and EGaIn cathodes because of our 

underlying interest in stretchable and ultra-flexible applications. These substitutions could in 

principle lead to small differences observed between this study and earlier ones. Lowered 

efficiency could be tolerated if counterbalanced by decreased cost and increased yield and lifetime, 

as appears to be possible in principle, based on our observations.  
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Figure 1.5. Schematic summary of the effect of mixed grades of methanofullerenes on the mechanical 
properties of P3HT:methanofullerene blends. 
 

1.4. Experimental Methods 

1.4.1 Materials. 

Methanofullerene derivatives were synthesized by Solenne BV, Groningen, The 

Netherlands. We conducted our experiments using four different methanofullerene samples: 

[60]PCBM (99% and technical grade, which was 90% [60]PCBM with the remainder [70]PCBM), 

and [70]PCBM (99% and technical grade, which was 93.5% [70]PCBM with the remainder 

[60]PCBM). Mixtures with a 1:1 ratio were prepared by mixing 99% grades of [60]PCBM and 

[70]PCBM by weight. Regioregular poly(3-hexylthiophene) (P3HT, Mn = 44 kDa, PDI = 2.0) was 

purchased from Sigma-Aldrich and used as received. PDMS, Sylgard 184, Dow Corning, was 

prepared according to the manufacturer’s instruction at a ratio of 10:1 (base:crosslinker) and cured 

at room temperature for 36 to 48 h when it was used for buckling experiments. (Tridecafluoro-

1,1,2,2-tetrahydrooctyl)-1-trichlorosilane (FOTS) was obtained from Gelest. PEDOT:PSS 

(Clevios PH1000) was purchased from Heraeus. DMSO was purchased from BDH with purity of 
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99.9%. Zonyl (FS-300) fluorosurfactant, chloroform, ODCB, acetone, isopropanol, and eutectic 

gallium-indium (EGaIn) were purchased from Alfa Aesar. 

 

1.4.2 Preparation of films. 

For the buckling-based method and crack-onset experiments, hydrophobic glass slides 

were prepared as the initial substrate for the thin films. Glass slides (2.5 cm × 2.5 cm) were cleaned 

by bath sonication in detergent, deionized water, acetone, and isopropanol for 15 min each and 

dried under a stream of compressed air. The surface was then activated with an air plasma (30 W, 

200 mTorr, 3 min) before enclosing in a vacuum desiccator with FOTS. The desiccator was left 

under dynamic vacuum for 12 h. The glass slides were rinsed with deionized water and isopropanol 

and dried under a stream of compressed air before use. For buckling-based method, 

P3HT:methanofullerene films were spin-coated onto FOTS treated glass slides using three 

different spin speeds to achieve three thicknesses. For the crack-onset experiments, all films were 

spin-coated at the parameters to obtain similar thicknesses. The as-cast (AC) films were then 

placed under vacuum for 1 h to remove any residual solvent. The annealed (AN) films were placed 

on the hot plate under inert atmosphere at 125 °C for 30 min before use. The films were spin-

coated on plasma cleaned glass slides for UV-vis absorption experiments. We observed minimal 

differences in the UV-vis absorption when the films were spin-coated onto plasma-treated, FOTS-

treated, and PEDOT:PSS glass slides (Figure C.1, Supporting Information).  

 

1.4.3 Buckling-based methodology and crack-onset experiment. 

The elastomer poly(dimethylsiloxane) (PDMS) was chosen as the substrate for all 

mechanical measurements. The mixed and degassed prepolymer was allowed to cure at room 
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temperature for 36 to 48 h before it was used in an experiment. The PDMS was then cut into 

rectangular pieces (l = 8 cm, w = 1 cm, h = 0.3 cm) and stretched to strains of 2% using a computer-

controlled stage, which applied strain to samples using a linear actuator. While the PDMS 

rectangles were under strain, microscope slides (5 cm × 2.5 cm activated using oxygen plasma and 

treated with FOTS to later facilitate separation of the PDMS) were clipped onto the back of each 

rectangle using binder clips to maintain the strain. Transferring the P3HT:methanofullerene films 

to the pre-strained PDMS substrate was performed by initially scoring the films along the edges 

with a razor and placing the films against the PDMS. After applying a minimum amount of 

pressure to create a conformal seal between the PDMS and the P3HT:methanofullerene films, we 

separated the glass/stretched PDMS from the glass/conjugated polymer film in one fast motion. In 

most cases, the areas in which the films were in contact with the PDMS were successfully 

transferred to the pre-strained PDMS rectangles. The binder clips were then removed and the 

PDMS allowed to relax to the equilibrium length. Buckles formed in the P3HT:methanofullerene 

films upon relaxation of the PDMS. Buckling wavelengths were obtained from the optical 

micrographs. Due to the inherent brittleness of the pure methanofullerene films, we employed the 

bilayer technique to obtain the tensile moduli. In these sets of experiments, a layer of PEDOT:PSS 

film of known tensile modulus is used as interfacial layer. The PEDOT:PSS films were spin-coated 

onto the FOTS glass slides before spin-coating the desirable layers of the pure methanofullerene 

films. The PEDOT:PSS layer assisted in modifying the surface energy such that the 

methanofullerene solutions can be easily deposited and facilitate the buckling-based experiment 

by lowering the effective modulus of the bilayer system. From the known modulus of the 

PEDOT:PSS and the measured thickness ratio between the PEDOT:PSS and the methanofullerene 

layer, the modulus of the methanofullerene layers were calculated using equation 2.  
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 For crack-onset experiments, the PDMS substrates were cut into rectangular pieces (l = 8 

cm, w = 1 cm, h = 0.15 cm). The P3HT:methanofullerene films were transferred onto the PDMS 

substrates baring no pre-strain in the same manner as described above. The 

P3HT:methanofullerene films/PDMS was then subjected to incremental increase in uniaxial strain 

with a step size of 0.5%. At each step, an optical micrograph was taken and the strain at which the 

first crack formed was recorded.  

 

1.4.4 Fabrication of organic solar cells. 

We deposited a layer of PEDOT:PSS from an aqueous solution containing 92.9 wt % 

Clevios PH 1000 (∼0.9−1.2 wt % PEDOT:PSS), 7.0 wt % DMSO, and 0.1 wt % Zonyl 

fluorosurfactant on plasma treated glass slides as the transparent anode. The solution was filtered 

and spin-coated at a speed of 500 rpm for 120 s, followed by 2000 rpm for 30 s. The films were 

then dried at 150 °C for 30 min. The photoactive layers were subsequently spin-coated on the 

PEDOT:PSS layer at a speed of 500 rpm for 240 s, followed by 2000 rpm for 60 s. A thin strip of 

the PEDOT:PSS anode was exposed by wiping away a section of the photoactive layer with 

chloroform for electrical contact. The samples were then immediately placed in a nitrogen-filled 

glovebox and annealed at 125 °C for 30 min. EGaIn was used as the top contact. 

 

1.4.5 Characterization of films. 

The photovoltaic properties were measured in a nitrogen-filled glovebox using a solar 

simulator with a 100 mW cm–2 flux under AM 1.5G condition (ABET Technologies 11016-U up-

facing using calibrated with a reference cell with a KG5 filter). The current density versus voltage 

was measured using a Keithley 2400 SourceMeter. The absorbance of the materials was measured 
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using a PerkinElmer Lambda 1050 UV-vis-NIR spectrophotometer. The wavelength range 

measured was 300-850 nm with a step size of 1 nm. The films were prepared in the same manner 

as described in the above section of preparation of films. EQE measurement were measured in air. 

The photocurrent as a function of wavelength were recorded by a multifunction optical power 

meter (Newport Model 2936-R) using 300 W xenon lamp and Cornerstone monochromator 

(Newport Model 74004) illumination. 

 

1.4.6 Weakly interacting H-aggregate model. 

In the aggregated state (i.e., crystallites in solid films), the coupled electron-vibrational 

(vibronic) transitions determine the absorption of weakly interactive H-aggregates and can be 

modeled as Gaussian fits by:21,55–57  
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In the above equation, A is the absorption by an aggregate as a function of the photon energy (E). 

E00 is the energy of the 0®0 vibronic transition, which is allowed assuming some disorder in the 

aggregates.55 S is the Huang-Rhys factor, which is calculated from absorption and emission 

spectra, and is set to 1 for P3HTs.55,57 Ep is the intermolecular vibration energy, which (in the case 

where S = 1) is set to 0.179 eV as determined by Raman spectroscopy.59 W is the free exciton 

bandwidth, which is related to the nearest neighbor interchain excitonic coupling. Upon coupling, 

a dispersion of the energies occurs, the width of which is equal to W (which is four times the 

nearest neighbor coupling). The terms m and n are the ground- and excited state vibrational levels 

and s is the Gaussian linewidth. The Gaussian linewidth, s, Ep, W, and the scaling factor for the 

calculated absorption were found by a least squares fit to the experimental absorption in the region 
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of 1.93 to 2.25 eV.21,56,60 This region was selected because the absorption is dominated by the 

polymer aggregates. Above 2.30 eV, the amorphous polymer dominates absorption.57,60  
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Abstract 

 Advantages of semiconducting small molecules—as opposed to semiconducting 

polymers—include synthetic simplicity, monodispersity, low cost, and ease of purification. One 

purported disadvantage of small-molecule films is reduced mechanical robustness. This paper 

measures the tensile modulus and crack-onset strain for pure films of the high-performance 

solution-processable small-molecule donors 7,7′-[4,4-bis(2-ethylhexyl)-4H-silolo[3,2-b:4,5-

b′]dithiophene-2,6-diyl]bis[6-fluoro-4-(5′-hexyl-[2,2′-bithiophen]-5-

yl)benzo[c][1,2,5]thiadiazole] (DTS(FBTTh2)2), 2,5-di-(2-ethylhexyl)-3,6-bis-(5′′-n-hexyl-

[2,2′,5′,2′′]terthiophen-5-yl)-pyrrolo[3,4-c]pyrrole-1,4-dione (SMDPPEH), and 6,13-

bis(triisopropylsilylethynyl)pentacene (TIPS-pentacene), the acceptor 5,5′-(2,1,3-

benzothiadiazole-4,7-diyldi-2,1-ethenediyl)bis[2-hexyl-1H-isoindole-1,3(2H)-dione] (HPI-BT), 

blends of DTS(FBTTh2)2 and SMDPPEH with [6,6]-phenyl C71 butyric acid methyl ester 

(PC71BM) and with HPI-BT, and bulk heterojunction films processed with the additives 1,8-

diiodooctane (DIO) and polystyrene (PS). The most deformable films of solution-processed 

organic semiconductors are found to exhibit tensile moduli and crack-onset strains comparable to 

those measured for conjugated polymers. For example, the tensile modulus of as-cast 

DTS(FBTTh2)2 is 0.68 GPa (i.e., comparable to poly(3-hexylthiophene) (P3HT), the common 

polymer), while it exhibits no cracks when stretched on an elastomeric substrate until strains of 

14%. While this high degree of stretchability is lost upon the addition of PC71BM (4.2 GPa, 

1.42%), it can be partially recovered using processing additives. Tensile modulus and crack-onset 

strain are highly correlated, which is typical of van der Waals solids. Increased surface roughness 

was correlated to increased modulus and brittleness within films of similar composition. Increased 

elasticity can be rationalized by the presence of alkyl side chains, which decrease the van der Waals 
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attraction between molecules in the crystalline grains. These measurements and observations could 

have important consequences for the stability of devices based on molecular semiconductors, 

especially those destined for stretchable or ultra-flexible applications, or those demanding 

mechanical robustness during roll-to-roll fabrication or use in the outdoor environment. 

 

2.1 Introduction  

 Organic semiconductors fall into two categories: polymers and small molecules. While 

both classes of materials have achieved similar levels of performance in thin-film transistors (i.e., 

charge-carrier mobility) and solar cells (i.e., efficiency), each class of materials has its own set of 

advantages and disadvantages.1 For example, polymers can be easier to coat from solution than 

are small molecules.2 Small molecules on the other hand are by definition monodisperse and thus 

less subject to batch-to-batch variability.3 One advantage typically posited for polymers is superior 

mechanical resilience compared to small molecules, because small molecules are van der Waals 

solids that do not have entanglements and thus increased strength and toughness, which are 

characteristic of polymeric materials.4 However, we have observed that the deformability of small-

molecule thin films can be improved by additives (such as high molecular weight polystyrene) and 

that small molecules comprising alkyl side chains tend to be more compliant than those lacking 

side chains. Nevertheless, it is granted that the total energy that can be absorbed by conjugated 

polymers in either the elastic or plastic regimes of deformation—as manifested in the resilience, 

tensile strength, and toughness—will almost certainly surpass those of small-molecule 

semiconductors. The ability to store or dissipate significant mechanical energy, however, may be 

irrelevant in an encapsulated module, where the resistance to deformation is provided by the 

substrate. Thus, low tensile modulus (to reduce interfacial stresses upon bending or tensile 
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deformations) and high strains at which the first cracks appear may be the most relevant predictors 

of the lifetime of organic electronic devices, at least for bending and stretching deformations. 

Despite the importance of mechanical properties in determining the lifetime and range of 

application of flexible (or even stretchable) organic electronic devices, tensile modulus and crack-

onset strain have never been reported for solution-processed small-molecule semiconductors. This 

paper reports these quantities for the first time for four of the five materials (PC71BM has been 

reported previously)5—three electron donors and one acceptor (Figure 2.1)—which are promising 

for thin-film transistors when used alone, or for solar cells when mixed with PC71BM or other 

acceptors. 

 

Figure 2.1. Chemical structures of the small molecules whose mechanical properties were measured in this 
work. Mechanical properties of DTS(FBTTh2)2, SMDPPEH, TIPS-pentacene and HPI-BT were measured 
for the first time, while those of PC71BM were first reported in ref.5 
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Devices based on organic semiconductors—e.g., solar cells, thin-film transistors, light-

emitting devices, and RFID tags—have the potential to be fabricated by gravure, screen, slot-die, 

and inkjet printing in roll-to-roll modalities, and thus may have advantages to traditional devices 

based on silicon for applications demanding low-cost.6 These low-cost (and sometimes short-

lived) devices for which organic materials are regarded as the ideal solutions (e.g., for portable 

and disposable applications) are often made on flexible foils and must survive mechanical forces 

during both fabrication and use.7 Despite mechanically demanding form factors for thin-film 

organic electronic devices, the electronic properties of such devices are nearly always optimized 

on glass or silicon substrates, and thus the mechanical properties that will affect the lifetime in the 

real world are not known and seldom tested. The absence of mechanical information of these 

compounds is salient because the cohesive fracture energies of these materials, generally within 

the range of 1–10 J m–2, are a few orders of magnitude smaller than those of conventional 

semiconductors and engineering plastics.8 While the deformability of one class of solution-

processed organic semiconductor—conjugated polymers—is generally regarded as favorable, our 

work and that of others has revealed that these materials occupy a wide range of mechanical 

behavior that depends crucially on molecular and solid-state packing structure.9–13 In contrast, the 

deformability of small-molecule semiconductors is generally purported to be unfavorable.  

We reasoned that the payoff in the event that our experiments were to reveal unexpectedly 

high deformability in small-molecule films would be significant. At the outset, however, we had 

reason to doubt such a favorable outcome, as pentacene—albeit without an alkyl chain—was found 

by Tahk and coworkers to have a tensile modulus of 16 GPa (an order of magnitude stiffer than 

P3HT) and crack at compressive strains (probably significantly) less than 4% on elastomeric 

substrates (tensile strains were not tested, but it is expected to fracture at small strains).14 Moreover, 
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our laboratory previously found that films of PC61BM and PC71BM crack at <0.5% tensile strains 

on elastomeric substrates.5 Unsubstituted small molecules deposited by vacuum deposition (e.g., 

pentacene) and those containing a low fraction of aliphatic carbon atoms compared to π-conjugated 

atoms (e.g., methanofullerenes), however, are not representative of state-of-the-art soluble small-

molecule semiconductors, which contain relatively long or branched alkyl chains.15 

 

2.1.1 Mechanical properties of van der Waals solids.  

In considering the mechanical properties of small-molecule organic semiconductors, it is 

worth considering the mechanical response of polymeric semiconductors, about which more is 

known. For a semicrystalline conjugated polymer, tensile deformation in the elastic regime is 

accommodated principally by straightening of the chains in the amorphous domains; the loss in 

entropy produces a restoring force. To the extent that the crystalline domains deform elastically, 

strain energy is stored in the van der Waals bonds being shifted from equilibrium; compressive 

strains are resisted by steric repulsive forces and tensile strains are resisted by attractive van der 

Waals forces between the molecules in the solids. For conjugated polymers, structures that form 

highly crystalline microstructures due to fused rings in the backbone, interdigitation of the side 

chains, or both, exhibit increased stiffness.16,17 When the semicrystalline polymer plastically 

deforms—i.e., when the yield point is surpassed—the strain energy is absorbed by crystallization 

of aligned chains in the amorphous domains, rearrangement of the van der Waals bonds in the 

crystalline domains, and the formation of crystallites that are partially aligned along the stretched 

axis, and which exhibit birefringence.18 Finally, decohesion and fracture occurs by pullout of 

chains and by scission of covalent bonds.8  
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For small-molecule semiconductors, most of the modes by which strain energy is stored or 

absorbed that are characteristic of polymers are absent. Solution-processed small-molecule 

semiconductors can be glassy, polycrystalline, or semicrystalline, and thermal annealing tends to 

increase the average size of the crystallites if the molecules can crystallize.19 In the case of glassy 

semiconductors such as di(4-methylphenyl)methano-C60 bis-adduct (DMPCBA), the film remains 

amorphous upon deposition and (up to 20 h) after thermal annealing.20 The glassy nature and 

thermal stability of this material is a result of its chemical structure which sterically prevents the 

C60 cores from close packing, rendering it soluble but amorphous in the solid state.20 Thus, the 

energy of elastic deformation is stored solely by perturbation of the molecules in the glass, and the 

elastic modulus is determined by the strength of the van der Waals bonds. The strength of these 

bonds is lowered by the presence of side chains (which push the polarizable cores of the molecules 

farther from each other) and branching in the side chains. The sizes of core structures that have 

similar rigidities have a relatively small stiffening effect on the solid material, as solid anthracene 

is only slightly stiffer than naphthalene (8.4 vs. 8.1 GPa).21 The presence of a flexible group in the 

core reduces the stiffness however, as the modulus of solid diphenylethane is 6.3 GPa.21 Possible 

mechanisms of plastic deformation include deformation of the crystallites that retain the same 

lattice structure, or hypothetically by the formation of strained crystalline polymorphs.22  

 

2.2 Experimental Design 

2.2.1 Selection of materials.  

The overall goal of this study was to correlate the chemical structures of small molecules 

to their thin film mechanical properties and to elucidate the necessary features for mechanical 

deformability. To this end, we measured the properties of four different molecular semiconductors: 
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DTS(FBTTh2)2, SMDPPEH, and TIPS-pentacene (donors), and HPI-BT (an acceptor), whose 

structures are shown in Figure 2.1. To measure the properties of films relevant to organic solar 

cells, we also measured the mechanical properties of DTS(FBTTh2)2 and SMDPPEH in bulk 

heterojunctions with HPI-BT, and with the standard electron acceptor, PC71BM. DTS(FBTTh2)2 

is an example of a high-performance organic semiconductor that has achieved power conversion 

efficiency (PCE) of up to 7%, when mixed with PC71BM and 0.4% DIO in the active layer.23 This 

performance exceeds that of the highest performing solar cells comprising active layers of P3HT 

and PC61BM. TIPS-pentacene was selected because the mechanical properties of the core 

structure, pentacene, were measured by Tahk et al.,14 and thus this material provides a comparison 

between an unsubstituted core structure, and a structure bearing side chains. DTS(FBTTh2)2 is a 

high-performance donor for organic solar cells.23 The crystal structure of DTS(FBTTh2)2 is 

triclinic with two molecules assigned to a unit cell, and exhibits alkyl stacking, hexyl stacking and 

π-π overlap.3 Upon thermal annealing, crystallites in the as-cast film grow into large fibrils and 

form highly ordered regions that exhibit lamellar stacking. SMDPPEH was selected for its 

relatively simple chemical structure, and the ubiquity of the DPP group as an electron-deficient 

unit in low-bandgap molecular and polymeric semiconductors. SMDPPEH has achieved PCE 

values of up to 3% with PC71BM as the acceptor.24 PC71BM is the standard acceptor in high-

performance organic solar cells. We have measured its modulus and crack-onset strain in a 

previous publication and found that “technical grades” of PC71BM —which comprise a mixture of 

incompletely separated but otherwise pure derivatives of C60 and C70 in which ≥90% of the blend 

is PC71BM —are more elastic and ductile than pure films of either PC61BM or PC71BM.5 

Moreover, compared to PC61BM, PC71BM has the greater deformability, most likely because of 

its existence as a mixture of isomers and therefore decreased tendency to form well packed 
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structures in the solid state.5 Because of the high cost and production energy of fullerene 

derivatives,25 the community has been seeking non-fullerene electron acceptors.26 One such 

example is HPI-BT, whose mechanical properties we also tested in this work. 

 

2.2.2 Selection of processing additives.  

Processing additives are ubiquitous in high-performance organic solar cells.27 For example, 

the presence of 1,8-diiodooctane (DIO) significantly increases the PCE of cells based on 

DTS(FBTTh2)2:PC71BM bulk heterojunctions: from 5.8% to 7.1% when mixed with a solution 

containing 0.4% DIO by volume.3 Another class of additives is polymeric. For example, high 

molecular weight polystyrene (PS) has been shown to increase PCE values further, from 7.1% to 

8.2% by adding 2.5 wt % (Mn = 20 MDa).2 Addition of PS  improves wetting, increases thickness 

and absorbance, and leads to a morphology consisting of large interpenetrated fibrils, as seen in 

bright-field TEM images.2 We hypothesized that both DIO and PS (Mn = 900 KDa and 20 MDa) 

might increase the mechanical compliance and ductility of devices based on small-molecule 

semiconductors, in particular DTS(FBTTh2)2:PC71BM bulk heterojunction films. 

 

2.2.3 Mechanical characterization: tensile modulus.  

The tensile modulus of a solid is the slope of a plot of stress vs. strain in the elastic (linear, 

low-strain) regime of deformation. It describes the ability of a solid to store potential energy due 

to a load, or its tendency to resist elastic deformation. It is one of many manifestations of the 

strength of the intermolecular forces in a van der Waals solid. We measured the tensile modulus 

using the well-known buckling-based metrology (i.e., surface wrinkling).28 This method is a well-

established quantitative and rapid method of analyzing the mechanical properties of thin film 
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systems such as organic semiconductors, polymer brushes, and nanoscale structured materials 

whose mechanical properties can be otherwise difficult to measure.28 Measurements produced 

from this method agree well with those obtained from traditional pull testing—when sufficient 

quantities of the material are available for conventional measurements—and dynamic mechanical 

analysis.29 We suggest that low tensile modulus is possibly desirable for mechanically robust thin 

films because it reduces interfacial stresses with load-bearing substrates and encapsulants. 

Moreover, for semiconducting polymers with relatively low molecular weight tested in the 

literature so far, low tensile modulus is often correlated with high ductility (crack-onset strain).5 

 

2.2.4 Mechanical characterization: crack-onset strain.  

The crack-onset strain of a thin film on an elastic substrate is an indirect measurement of 

the strain at fracture, which is—like the buckling technique for measuring the tensile modulus—

useful if not enough material is available for conventional tensile testing. The method is indirect 

because it is dependent on the adhesion between the film and the substrate (poor adhesion localizes 

strain to thin areas and defects in the film, and thus leads to increased effective brittleness).29 

Nevertheless, it is a useful metric for comparison between similar materials of their respective 

abilities to accommodate strain without fracture. Two different methods of determining the crack-

onset strain were employed: stretch tests (high-strain regime, Figure 2.2a) and bending tests (low-

strain regime, Figure 2.2b). Stretch tests were employed as a quick and effective means of 

determining the crack-onset of films that can be strained > 5% (high-strain regime). The strain (ε) 

induced in the stretch test was calculated using ΔL/L0, where L0 is the original length and ΔL is the 

change in length. We used bending tests to access lower strains of especially brittle materials, for 

which stretch tests could not resolve the crack-onset strain.30 The bending test offers precise 
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control over the applied strain, either by varying the thickness t or the radius of curvature R, ε = 

t/R, and could be used to access strains of 0.5% to 15%, but was most useful for materials that 

fractured at small strains, 0.5% to 2%. 

 

 

Figure 2.2. Schematic diagram of the two methods of determining crack-onset strain. (a) Stretch test (high-
strain regime). (b) Bending test (low-strain regime). 
 

2.3 Results and Discussion 

2.3.1 General observations.  

Values of tensile modulus (top row, blue) and crack-onset strain (bottom row, red) are 

shown in Figure 2.3. The strong correlation between these quantities is shown in Figure 2.4. Six 

key observations can be made. (I) The non-fullerene small-molecules DTS(FBTTh2)2, SMDPPEH, 

TIPS-pentacene, and HPI-BT are substantially more compliant (modulus <1.5 GPa) and 

stretchable (crack-onset strain >5%) compared to the modulus and brittleness measured previously 

for other small molecular semiconductors, including methanofullerenes5 or unsubstituted 

pentacene.14 In particular, DTS(FBTTh2)2 had the lowest tensile modulus of the pure small-

molecule films (0.79 GPa) and could absorb the greatest strain before failure, up to 14%. (II) The 

bulk heterojunction films comprising DTS(FBTTh2)2 or SMDPPEH and PC71BM were 
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significantly stiffer and more brittle than pure films of the small molecular donors. This 

observation is consistent with the stiffening effect of methanofullerenes on conjugated polymers 

in general: for poly(3-alkylthiophene)s (P3ATs), PC61BM behaves as an anti-plasticizer.5,31 (III) 

Annealing bulk heterojunction films of DTS(FBTTh2)2:PC71BM increases the tensile modulus 

from 4.2 GPa to 17.6 GPa and decreases the crack-onset strain from 1.4% to 1.1%. (IV) The effect 

of the additives DIO and PS on bulk heterojunction films of DTS(FBTTh2)2:PC71BM is to decrease 

the tensile modulus and increase the crack-onset strain. (V) Bulk heterojunction films of the two 

molecular donors with the acceptor HPI-BT are significantly more deformable than the same 

donors mixed with PC71BM. Observations current-voltage (I–V) will be examined in detail below. 

 

Figure 2.3. Tensile modulus of pure small-molecule thin films (a) mixed bulk heterojunction thin films (b) 
and films containing additives (c). Crack-onset of pure small-molecule thin films (d) mixed bulk 
heterojunction thin films (e) and films containing additives (f). 
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Figure 2.4. Correlation between tensile moduli and crack-onset strains for all the films tested.  

 

2.3.2 I. Softening effect of side chains.  

The effect of side chains on comb-like polymers is, in general, to reduce the glass transition 

temperature, modulus, brittleness, and tensile strength.32 This effect is well known in P3AT semi-

conducting polymers (the rationale for the softening effect of side chains in polymers is that side 

chains reduce the density of load-bearing covalent bonds along the strained axis and reduce the 

density of noncovalent interactions between main chains).29 To find the glass transition 

temperature, Tg, of the small molecules under study we conducted differential scanning 

calorimetry (DSC) measurements, however, no clear Tg was observed in any of the materials 

(Figure B.2). The lack of an observable Tg from DSC thermograms of similar materials has been 

reported by others and complimentary measurements such as modulated-temperature DSC 

(MTDSC) are usually required to observe the glass transition.33 To elucidate the affect of side 

chains in small-molecule semiconductors, we compared the tensile modulus of TIPS-pentacene, 

2.95 ± 0.36 GPa, to the modulus of unsubstituted pentacene films measured by Tahk et al. using 

the buckling technique, 16.09 ± 2.83 GPa.14 The softening effect of side chains was investigated 



59 
 

in molecular monolayers by Cun et al. in a study of N,N′-dihexadecyl-quinacridone (QA16C). This 

molecule posesses two alkyl side chains that are each 16 carbon atoms long but has a core that is 

isosteric with pentacene.34 The authors used both STM measurements and density functional 

theory (DFT) calculations, which predicted a tensile modulus of 0.92 ± 0.08 GPa.34 The analysis 

of the authors suggested that the origin of the elastic properties of QA16C arose due to 

conformational changes in the side chains under mechanical strain.34  

 

2.3.3 II. Stiffening and embrittling effect of PC71BM.  

Similar to its effect on the mechanical properties of conjugated polymers, PC71BM was 

observed to stiffen and embrittle bulk heterojunction films in which the donor is a small molecule 

(Figure 2.3c and 2.3d). For example, the tensile modulus of DTS(FBTTh2)2 was increased by a 

factor of 5 in the bulk heterojunction, and its crack-onset strain was decreased by a factor of 10. 

For P3AT:methanofullerene bulk heterojunction films comprising a crystalline P3AT phase, a 

fullerene-rich phase, and an amorphous mixed phase, the fullerene increased the glass transition 

temperature of the mixed phase.5 Moreover, the mechanical properties of the fullerene-rich phase 

were thus dominated by the properties of the fullerene, which was stiff and brittle.5 For small-

molecule:fullerene bulk heterojunction films, we postulate similar effects. The microstructure of 

as-cast SMDPPEH:PC71BM does not exhibit large phase separation, but consists of fiberlike 

structures, SMDPPEH rich domains, and oval shaped features attributed to PC71BM-rich 

domains.24 Morphological features in the films were differentiated by decreasing the donor to 

acceptor ratio and observing that the oval features grew in size with increasing PC71BM 

concentration.24 A structural analog, DPP(TBFu)2—in which the terminal alkylated bithiophene 

units of SMDPPEH are replaced with benzofuran units—has also been reported. 
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DPP(TBFu)2:PC71BM is well mixed and amorphous when as cast with no thermal treatment. Upon 

annealing, DPP(TBFu)2 nuclei were found to grow and expel PC71BM; separation of phases was 

found to create a DPP(TBFu)2 rich phase consisting mainly of crystallites, along with a PC71BM-

rich phase.35 

 

2.3.4 III. Increased stiffness and brittleness by thermal annealing.  

Thermal annealing had a profound increase on the modulus of DTS(FBTTh2)2:PC71BM 

films, blended in a weight ratio of 3:2, (from 4.2 to 17.6 GPa) and increase in brittleness (crack-

onset strain from 1.42% as-cast to 1.14% annealed). We chose this system for thermal annealing 

because this treatment was included in the procedure that produced the best solar cells from these 

materials,23 but in all polymers, small-molecules, and bulk heterojunction films we have ever 

measured, we have never observed an organic semiconductor film to soften when thermally 

annealed.36 The stiffening effect can be correlated to microstructural features observed previously: 

when mixed with PC71BM, the as-cast DTS(FBTTh2)2:PC71BM bulk heterojunction film was 

found to be largely well mixed and amorphous.3 As the film is annealed DTS(FBTTh2)2 crystallizes 

into wire like structures and PC71BM rich domains.3 A similar stiffening effect has been observed 

in polymeric systems after thermal annealing, for example PBTTT.17 O’Connor et al. measured 

the tensile modulus of as-cast and annealed PBTTT thin films and reported moduli of 0.88 ± 0.24 

and 1.8 ± 0.35 GPa, respectively, an order of magnitude stiffer.17 They attributed the large increase 

in modulus to changes in microstructural features: an increase in overall crystallinity and an 

increase in the size of the crystallites.17 
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2.3.5 IV. Effect of additives.  

Processing additives offer a means of improving device functionality without the need for 

extra processing steps, such as thermal or solvent annealing.37 Their function can vary, but under 

favorable circumstances they help to achieve a solid-state microstructure that augments charge 

separation compared to an unmodified bulk heterojunction film.37 In a previous paper, we reported 

a plasticizing effect of both DIO and low-molecular-weigth PDMS on P3HT:PC61BM bulk 

heterojunction films.29 A similar plasticizing effect of both DIO and polystyrene of 900 kDa and 

20 MDa molecular weight on the mechanical properties of DTS(FBTTh2)2:PC71BM is shown in 

Figure 2.3e and 2.3f. The microstructure of DTS(FBTTh2)2:PC71BM:DIO has been found to have 

more phase separation compared with DTS(FBTTh2)2:PC71BM and also exhibits larger grains.38 

When PS was added to the bulk heterojunction, the microstructure of 

DTS(FBTTh2)2:PC71BM:DIO:PS evolved into one with long DTS(FBTTh2)2 fibrils, well mixed 

domains, and PS rich domains.38 The DTS(FBTTh2)2 fibrils crossed PS rich domains that were 

well disperesed throughout the film. It may be possible that the PS rich domains serve to 

accommodate strain when the film is under tension, which would be consistent with the observed 

increase in crack-onset, from 1.58% to 4.67%, with the addition of PS. All of these additives 

produced significant reductions in the tensile modulus and increase in the crack-onset strain. Given 

that these additives can also increase the PCE of organic solar cells, it seems that the use of 

additives might be one approach to achieving the “best of both worlds” of electronic performance 

and mechanical deformability. 

 

 

 



62 
 

2.3.6 V. Mechanical properties of bulk heterojunctions with HPI-BT as the acceptor.  

Given the well-known stiffening effect of fullerenes on bulk heterojunctions comprising 

either a conjugated polymer or small molecule as the donor, a substitute for the fullerene with 

greater deformability would be beneficial. We observed that the small-molecule HPI-BT was a 

factor of 5 more compliant than PC71BM, and also a factor of 5 more ductile (Figure 2.3a and 

2.3b). Moreover, bulk heterojunctions comprising DTS(FBTTh2)2:HPI-BT and SMDPPEH:HPI-

BT were both significantly more deformable than bulk heterojunctions in which the acceptor was 

PC71BM (Figure 2.3c and 2.3d). Since the bulk heterojunction consisted of only non-fullerene 

small molecules and exhibited a relatively large degree of stretchability, we fabricated organic 

solar cells comprising only stretchable components, including an anode containing highly 

plasticized poly(3,4-ethylenedioxythiophene):poly(styrenesulfonate) (PEDOT:PSS) and a cathode 

of liquid eutectic gallium indium, though the efficiencies were very low for this pair of materials 

(Figure B.1). 

 

2.3.7 Mode of fracture.  

The way in which organic thin films fracture under strain has important technological 

consequences. For ductile fracture, in which cracks open but do not span the entire width of the 

film perpendicular to the strained axis, it should still be possible to use these materials in devices 

requiring lateral charge transport (i.e., thin-film transistors). For materials exhibiting brittle 

fracture, in which cracks easily propagate across the entire dimension perpendicular to the strained 

axis, devices with lateral charge transport will likely be inoperable. The type of fracture observed 

was qualitatively related to the crack-onset strain (Figure 2.5). That is, materials with small crack-

onset strains exhibited brittle fracture. 



63 
 

 

Figure 2.5. Optical micrographs of cracking behavior of four pure organic semiconductors at 15% strain, 
from partially ductile behavior (left) to completely brittle behavior (right). 
 

2.3.8 Correlation of surface morphology with mechanical properties.  

For small-molecule films, we found that the surface roughness was a strong predictor of 

the stiffness within films of the same composition, but not between films of different compositions 

(Figure 2.6). For example, in the case of DTS(FBTTh2)2, pure films are rough (RMS roughness 

3.53 nm) compared with SMDPPEH (0.62 nm), but DTS(FBTTh2)2 exhibits a lower modulus. 

Thermal annealing of DTS(FBTTh2)2 doubled the RMS roughness to 6.92 nm; this increase was 

consistent with the growth of crystals in the film. However, addition of PC71BM produced a 

smoother film (RMS roughness of 0.55 nm), but the modulus increased substantially, as PC71BM 

may interrupt some of the ordering seen in the pure film. Upon thermal annealing, the RMS 

roughness doubled to 1.04 nm; this increase in roughness was accompanied by a large increase in 

tensile modulus from 4.22 GPa to 17.59 GPa. Our results were consistent with those observed in 

P3ATs, which exhibited an increase in surface roughness that correlated to an increase in tensile 

moduli as the alkyl side chains became shorter.29 This trend was attributed to an increased degree 

of crystallinity within films containing shorter alkyl chains for P3ATs, and thus increased tensile 

modulus.29 
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Figure 2.6. Surface morphology of thin film bulk heterojunction solar cells. (a) Pure small-molecule donor 
and acceptor thin films. (b) Small-molecule bulk heterojunction thin films mixed with PC71BM. (c) 
DTS(FBTTh2)2:PC71BM bulk heterojunction films with 900 kDa and 20 MDa polystyrene additives, after 
thermal annealing. (d) Small-molecule bulk heterojunction thin films mixed with HPI-BT. 
 

2.3.9 Mechanism of strain accommodation in small-molecule films.  

As we hypothesized at the outset, alkyl-substituted, solution-processable small molecules 

indeed possess greater deformability than unsubstituted π-conjugated small molecules (e.g., 

acenes). Alkyl solubilizing groups separate the conjugated core units from each other, and thus 

reduce the van der Waals cohesive energy. Accordingly, the interplanar distance in SMDPPEH 

was found to be 1.47 nm by grazing-incidence X-ray diffraction.19 In contrast, the spacing in 

DTS(FBTTh2)2 was 2.2 nm in the (001) direction, which describes the stacking of ethyl hexyl side 
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chains of the dithienosilole unit spaced between conjugated backbones, and 1.6 nm in the (011) 

plane which corresponds to the end capped hexyl stacking.3 In either direction the spacing in 

SMDPPEH was found to be smaller than in DTS(FBTTh2)2, suggesting stronger intermolecular 

forces and possibly higher tensile modulus (although the mechanical trends were uncorrelated to 

melting transitions observed by DSC, Figure B.2). The crack-onset strains of DTS(FBTTh2)2 and 

SMDPPEH in particular were greater than or approximately equal to 10%. This surprisingly (to 

us) high degree of stretchability could be accommodated by plastic deformation of the crystalline 

grains themselves, though ultraviolet-visible spectroscopy (Figure B.3) revealed only minor 

differences in absorption between pristine films and those stretched to 10%, and thus did not 

indicate significant evolution in the microstructure, except for a broadening and red-shifted onset 

of the absorption for SMDPPEH. Molecular modeling and in situ X-ray diffraction during the 

process of deformation could yield insights regarding the mechanism of plastic deformation in 

these and similar materials. 

 

2.4 Conclusions 

Our examination of the mechanical properties of high-performance organic 

semiconductors revealed unexpected deformability—low tensile modulus and high crack-onset 

strain—of solution-processable small molecules. These findings suggest that devices employing 

pure films of organic semiconductors, e.g., for thin-film transistors, could be subjected to 

significant deformations without mechanical failure. For solar cells, in which the pure donors must 

be mixed with an electron acceptor such as the methanofullerene PC71BM, the composite films 

exhibited significant stiffness and brittleness. Use of processing additives such as DIO and PS, 

which can increase the efficiency of these devices, however, recovered some of the deformability. 
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Substitution of PC71BM with the small-molecule acceptor HPI-BT produced highly deformable 

films. While deformation in the elastic regime was easily rationalized by the presence of alkyl 

solubilizing groups, which are likely to decrease the van der Waals attraction between adjacent 

molecules in the crystalline lattice, the mechanism of plastic deformation requires additional 

insights—perhaps in the form of molecular modeling and in situ X-ray diffraction—to understand. 

Regardless of the mechanism of deformation, however, it appears that the purported disadvantage 

of small-molecule semiconductors of mechanical fragility may not be as problematic as believed, 

especially because these films will be fabricated on and encapsulated in flexible foils that bear the 

load. 

 

2.5 Experimental Methods 

2.5.1 Materials.  

2,5-Di-(2-ethylhexyl)-3,6-bis-(5′′-n-hexyl-[2,2′,5′,2′′]terthiophen-5-yl)-pyrrolo[3,4-

c]pyrrole-1,4-dione (SMDPPEH), 7,7′-[4,4-Bis(2-ethylhexyl)-4H-silolo[3,2-b:4,5-b′]dithiophene-

2,6-diyl]bis[6-fluoro-4-(5′-hexyl-[2,2′-bithiophen]-5-yl)benzo[c][1,2,5]thiadiazole] 

(DTS(FBTTh2)2), 6,13-Bis(triisopropylsilylethynyl)pentacene (TIPS-Pentacene), and 5,5′-(2,1,3-

Benzothiadiazole-4,7-diyldi-2,1-ethenediyl)bis[2-hexyl-1H-isoindole-1,3(2H)-dione] (HPI-BT) 

were purchased from Sigma-Aldrich and used as received. 1,8-Diiodooctane (DIO) was purchased 

from Sigma-Aldrich with 98% purity. [6,6]-Phenyl C71 butyric acid methyl ester (PC71BM) 

technical grade was purchased from Solenne BV, Groningen, The Netherlands and used as 

received. Polystyrene samples of Mn = 900 KDa and 20 MDa were obtained from Alfa Aesar (Cat# 

41943), Haverhill, MA and Pressure Chemical Co., Pittsburgh, PA., respectively. PDMS, Sylgard 

184, Dow Corning, was prepared as stated in the manufacturer’s instructions at a ratio of 10:1 
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(base:crosslinker) and cured at room temperature for 36-48 h when used for buckling and crack-

onset experiments. (Tridecafluoro-1,1,2,2-tetrahydrooctyl)-1-tri- chlorosilane (FOTS) was 

obtained from Gelest. Poly(3,4-ethylenedioxythiophene) polystyrene sulfonate (PEDOT:PSS) 

(Clevios PH1000) was purchased from Heraeus. Dimethyl sulfoxide (DMSO) was purchased from 

BDH with purity of 99.9%. Zonyl (FS-300) fluorosurfactant, chloroform, acetone, and isopropanol 

were purchased from Alfa Aesar. 

 

2.5.2 Preparation of substrates.  

Glass slides used as substrates were cut into 2.5 cm squares with a diamond-tipped scribe. 

The slides were then successively cleaned with Alconox solution (2 mg mL-1), deionized water, 

acetone, and isopropyl alcohol (IPA) in an ultrasonic bath for 10 min each and rinsed and dried 

with compressed air. After sonication, the glass was plasma treated at ~30W for 3 min at a base 

pressure of 200 mTorr in ambient air to remove residual organic material and activate the surface. 

Silicon substrates used for AFM measurements were cut into 1-cm2 pieces. To remove debris from 

the surface, the silicon substrates were cleaned and plasma treated in the same manner as described 

above. 

PEDOT:PSS substrates were prepared from an aqueous solution containing 99 wt % 

Clevios PH 1000 and 1 wt % Zonyl fluorosurfactant. The solution was filtered with a 1µm glass 

microfiber (GMF) syringe before being spin coated onto glass for buckling measurements and 

PDMS for crack-onset measurements. For buckling experiments PEDOT:PSS was annealed at 150 

°C for 30 min in ambient air and allowed to naturally cool to room temperature. For crack-onset 

experiments PDMS was UV-ozone treated for 15 min prior to the spin-coating of PEDOT:PSS. 

After spin-coating the films were dried under vacuum for 30 min, no thermal treatment. 
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2.5.3 Bilayer film buckling.  

The bilayer buckling technique is a modified version of the single-layer buckling test that 

has been employed by our group to determine the tensile moduli of especially brittle films that 

would otherwise fracture upon the release of pre-strain in the single-layer buckling test. This 

method can also measure the tensile moduli of organic semiconductors that do not adhere to 

hydrophobic substrates. Bilayer buckling uses an interfacial layer of PEDOT:PSS, with a favorable 

surface energy, to permit the spin-coating and mechanical transfer of thin-films on hydrophobic 

substrates. The effective tensile modulus of each bilayer film was calculated using the same 

method as single layer buckling, eq 1. 

𝐸$ = 3𝐸' (
1 − 𝜐$,

1 − 𝜐',
- .

𝜆0
2𝜋𝑑$

4
5

								(𝟏) 

After obtaining the effective modulus of the bilayer film, Eeff, and measuring the tensile 

modulus of PEDOT:PSS in a separate buckle test, E2, we used eq 2. to extract the modulus of the 

small-molecule films, E1. Below, m is the modulus ratio, E2/E1, and n is the thickness ratio, h2/h1. 

𝐸9$$ = (
1 +𝑚,𝑛= + 2𝑚𝑛(2𝑛, + 3𝑛 + 2)

(1 + 𝑛)5(1 + 𝑚𝑛) -𝐸?								(𝟐) 

 

2.5.4 Preparation of small-molecule solutions.  

Solutions of SMDPPEH, DTS(FBTTh2)2, TIPS-pentacene, HPI-BT, PC71BM, and their 

physical blends were prepared in CHCl3 (10mg mL-1) for the buckling technique, crack-onset tests, 

and AFM images. All solutions were stirred overnight at ambient temperature and for 2 hours at 

70 °C prior to spin-coating. The solutions were then filtered with a 1-µm GMF syringe filter 

immediately before being spin-coated onto glass, silicon, or PEDOT:PSS substrates. 
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2.5.5 Characterization of materials.  

Atomic force microscopy (AFM) micrographs were taken using a Veeco Scanning Probe 

Microscope in tapping mode. Data was analyzed with Nanoscope Analysis v1.40 software (Bruker 

Corp.). The small-molecule solutions were spin-coated onto the silicon slides at a spin speed of 

1000 rpm (500 rpm s-1 ramp) for 120 s followed by 2000 rpm (1000 rpm s-1 ramp) for 30 s. After 

spin-coating annealed samples were immediately placed in a nitrogen-filled glovebox and 

annealed at 70 °C for 10 min. After 10 min the annealed samples were allowed to cool for 30 min 

on the hot plate. 
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Abstract 

This paper describes a comparison of two characterization techniques for determining the 

mechanical properties of thin-film organic semiconductors for applications in soft electronics. In 

the first method, the film is supported by water (film-on-water, FOW), and a stress-strain curve is 

obtained using a direct tensile test. In the second method, the film is supported by an elastomer 

(film-on-elastomer, FOE), and is subjected to three tests to reconstruct the key features of the 

stress-strain curve: the buckling test (tensile modulus), the onset of buckling (yield point), and the 

crack-onset strain (strain at fracture). The specimens used for the comparison are four poly(3-

hexylthiophene) (P3HT) samples of increasing molecular weight (Mn = 15, 40, 63, and 80 kDa). 

The methods produced qualitatively similar results for mechanical properties including the tensile 

modulus, the yield point, and the strain at fracture. The agreement was not quantitative because of 

differences in mode of loading (tension vs. compression), strain rate, and processing between the 

two methods. Experimental results are corroborated by coarse-grained molecular dynamics 

simulations, which lead to the conclusion that in low molecular weight samples (Mn = 15 kDa), 

fracture occurs by chain pullout. Conversely, in high molecular weight samples (Mn > 25kDa), 

entanglements concentrate the stress to few chains; this concentration is consistent with chain 

scission as the dominant mode of fracture. Our results provide a basis for comparing mechanical 

properties that have been measured by these two techniques, and provide mechanistic insight into 

fracture modes in this class of materials. 

 

3.1 Introduction 

The mechanical properties of thin-film organic semiconductors play an important role in 

the durability of organic electronic devices such as organic solar cells, thin-film transistors, light-



76 
 

emitting devices, and biosensors.1–4 For example, low tensile moduli reduce interfacial stresses 

and are necessary to achieve “mechanical invisibility” in wearable patch-like devices.5 High 

ductility and toughness, on the other hand, will increase the lifetimes of devices against fracture 

and enable stretching and bonding of devices to curve surfaces of buildings, vehicles, and body 

parts.6 Recently, stretchability in organic semiconductors has been achieved by modification of 

the molecular structure to include chemical crosslinking groups or by surface embedding in an 

elastomer.7,8 Since organic semiconductors are usually cast into films as thin as a few tens of 

nanometers thick, it is challenging to obtain mechanical information using conventional methods, 

such as pull testing of freestanding samples.9 Moreover, the mechanical properties of thin films 

are not necessarily the same as those of bulk samples.10 This challenge has led to the development 

of methods for determining the mechanical properties of thin films of semiconducting polymers 

that do not require preparation of bulk samples (laboratory-scale syntheses of new materials 

usually do not produce a large enough yield).11–13  

The purpose of this paper is to compare two of these experimental methods (Figure 3.1), 

and to compare the results with a simulated stress-strain curve produced by a coarse-grained 

molecular dynamics simulation.14 The first method, which we refer to as “film-on-water” (FOW), 

is similar to a conventional pull test, except that the thin-film sample is suspended on water.1,12 

This method produces a stress-strain curve like that of a conventional pull test. The second method, 

which we refer to as “film-on-elastomer” (FOE), combines three measurements that together can 

be used to approximate the stress-strain curve.15 The three measurements used in the FOE method 

are (1) the buckling method to obtain the tensile modulus, (2) the onset of surface wrinkles to 

approximate the yield point, and (3) the crack-onset strain to approximate the strain at fracture.15–

17 We chose the widely studied regioregular poly(3-hexylthiophene) (P3HT) of four different 
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molecular weights to serve as the subject of our comparison of the two methods. While we found 

good qualitative agreement between the two methods in showing increasing resistance to fracture 

with increasing molecular weight, the agreement in tensile modulus was poor. Differences in the 

values of mechanical properties produced by these methods are attributed to the ways in which the 

films are deformed and the extent to which defects and heterogeneity in the films influence the 

force required to deform them. The results we report may interest researchers concerned with 

metrology of thin-film polymers and increasing the lifetimes of devices for stretchable, ultra-

flexible, and mechanically robust applications. 

 

Figure 3.1. Comparison of stress-strain behavior measured for film-on-water and film-on-elastomer 
methods. (a) Engineering stress-strain curves of P3HT thin films with increasing molecular weight (15, 41, 
64, 80 kDa) determined by FOW methods. (b) Approximated stress-strain curves for the same P3HT thin 
films determined by FOE methods.  
 

3.2 Experimental Section 

3.2.2 Molecular weight of poly(3-hexylthiophene) (P3HT).  

We selected P3HT for this study because of its well-known microstructure, thermal 

transitions, and optoelectronic properties in thin-film transistors, solar cells, and biosensors.18 Of 

particular importance for this study is its quasi-living synthetic mechanism using the Grignard 

metathesis polymerization, which affords excellent control over molecular weight and dispersity.19 
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The molecular weight, in turn, has a profound effect on microstructure and optoelectronic 

properties. For example, an early study by Kline et al. showed an increase in field-effect mobility 

with molecular weight from a value of 1.7´10-6 cm2 V-1 s-1 at 3.2 kDa to 9.4´10-6 cm2 V-1 s-1 at 

36.5 kDa.20 This change in mobility was correlated to significant changes in the morphology of 

the system, from rod-like structures in the 3.2 kDa sample to isotropic nodule structures in the 36.5 

kDa film, as seen in AFM images.20 X-ray diffraction measurements revealed that the 3.2 kDa 

sample had a greater signal intensity for the <100> peak than the 36.5 kDa sample, which indicated 

a higher degree of crystallinity, albeit lower mobility.20 However, the mobility of the low 

molecular weight sample could be increased by manipulating the morphology through annealing 

or using a solvent with a high boiling point.21 Recent studies have shown that the mobility of P3HT 

continues to increase with molecular weight until it saturates at a critical value.22 This critical point 

occurs once the molecular weight is high enough such that the lattice disorder becomes 

independent of polymer chain length.22 We note that values of molecular weight obtained from 

gel-permeation chromatography (GPC) using polystyrene standards overestimate the weight 

obtained by MALDI-TOF-MS or NMR by a value of approximately 1.67.23 

 

3.2.3 Effect of molecular weight on the mechanical properties of P3HT.  

While the mechanical properties of P3HT as a function of molecular weight have been 

measured before, the results were obtained using bulk samples,9 or nano-dynamic mechanical 

analysis,24 as opposed to measurement on thin films. In general, increasing the molecular weight 

of P3HT increases the ductility (strain at fracture) and toughness (total energy density absorbed by 

the material at the point of fracture).9 The most important microstructural characteristic that 

influences the mechanical properties of polymers with increasing molecular weight is the density 
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of entanglements.25 An entanglement is a physical linking of polymer chains, and a consequence 

of the fact that two chains can slide past but not cross one another.25 Another effect is that at higher 

molecular weights, stiff crystallites are connected by tie molecules.22 Using traditional pull testing, 

Koch et al. measured the mechanical properties of bulk samples of P3HT tapes prepared by melt 

casting in a uniaxial tensile test. The authors reported that the stress at failure increased from 8 

MPa to 24 MPa and the elongation improved from ~10% to ~300% in the 20 and 110 kDa samples, 

respectively.9 The role of entanglements was established by measuring the specific viscosity of 

each solution. The authors determined the critical molecular weight at which the chains become 

entangled to be ~35 kDa, as indicated by a sharp increase in viscosity.9 Moreover, the melting 

temperature and enthalpy of fusion saturated after ~30 kDa, which further provides evidence for 

the onset of chain entanglement at this molecular weight.9 The resistance to fracture of thin films 

of high molecular weight P3HT has also been measured using a four-point bend test. For example, 

Bruner et al. showed that as the molecular weight of P3HT increased, the cohesive energy of 

composites of P3HT with the fullerene derivative phenyl-C61-butyric acid methyl ester 

([60]PCBM) exhibited an increase from ~1-2 J m-2 at 28 kDa to nearly ~17 J m-2 at 100 kDa.26  

 

3.2.4 Film-on-water (FOW) measurements.  

The FOW technique is a pseudo free-standing tensile test that exploits the high surface 

tension of water, 73 mN m-1, to suspend thin films on the water surface.12 The low viscosity of 

water allows for unimpeded sliding of the films on the water surface; this scenario is ideal for 

replicating a free-standing tensile test.12 Once the film is floated on the water surface, it is attached 

to the load grips using small PDMS slabs that make van der Waals adhesion with the load cell and 

the thin film. The film is then strained at a strain rate of ~0.3´10-3 s-1 until failure of the film to 
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produce a stress-strain curve. This method combines the advantages of free-standing tensile tests 

with those of substrate-supported tests. That is, it provides a direct measurement of the mechanical 

properties while providing a means of manipulating ultra-thin films which would otherwise 

collapse upon themselves in air.  

 

3.2.5 Film-on-elastomer (FOE) measurements.  

FOE methods comprise three separate measurements that collectively approximate a stress-

strain curve of a thin film and allow the rough estimation of the energies of deformation, i.e., 

resilience and toughness. The three tests are mechanical buckling to measure the tensile modulus, 

onset of buckling to measure the yield point, and stretching until failure to determine the crack-

onset strain.15–17 Mechanical buckling, also known as surface wrinkling, is a well-documented 

method of measuring the tensile modulus of otherwise difficult-to-measure thin film systems such 

as organic semiconductors, polymer brushes, and nanostructured materials supported by an 

elastomeric substrate.10 This technique is useful over a wide range of film thicknesses (20 to 500 

nm) and tensile moduli and is sufficiently sensitive to detect modulus anisotropy in polymer thin 

films.27–30 The tensile moduli of materials obtained from this method agree well with those 

reported from traditional methods and dynamic mechanical analysis.31–33 Onset of buckling is an 

FOE method that detects the formation of surface wrinkles to determine the yield point of the film. 

The method is performed by cyclically, and incrementally, straining and relaxing a thin film on an 

elastomeric substrate (i.e., 0%→1% →0%→2%→0%→ 3% → 0%, etc.). Once the yield point is 

reached, the film is plastically deformed and upon relaxation the film is compressed and buckles 

form on the surface. The onset of buckles in the film manifests as a diffraction pattern obtained 

using a laser, or can be visibly seen in a microscope under favorable conditions.34 Crack-onset 
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strain measurements in the FOE method are used to determine the strain at which the material 

begins to fail. Briefly, a thin-film material is transferred to an elastomeric substrate and is 

incrementally strained until the formation of pinholes or cracks appear in the film. While the FOE 

methods were introduced as an alternative to nanoindentation and tensile tests of free-standing 

samples, the FOE methods are time consuming and use significantly more material than FOW 

methods. 

 

3.2.6 Molecular dynamics (MD).  

MD simulations can be used to predict the nanoscale structural and mechanical properties 

of polymeric materials.35 They probe mechanical phenomena on a level of detail that is impossible 

to characterize experimentally. Although high molecular weight polymers are exceedingly time-

consuming to simulate using atomistic models, detailed coarse-grained models can be used to 

simulate highly entangled polymeric systems.36–38 To complement our experimental study, we 

employed a three-site model for P3HT developed by Huang and coworkers to simulate the effect 

of molecular weight on structure, entanglement and response to uniaxial tensile loading. We have 

previously demonstrated that this model predicts the mechanical properties of P3HT accurately.38 

 

3.3 Results and Discussion 

3.3.1 Tensile modulus.  

We measured the tensile modulus of each film using two different methods, FOW and 

FOE, and compared the results (Figure 3.2a,b). We can see that the FOE method produced values 

for tensile moduli that were 3-7 times higher than those produced by FOW. However, both sets of 

values were in the range of values reported in literature, 0.22 to 1.33 GPa.16,39–43 In the FOW tests, 
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the modulus was constant for samples ≥40 kDa. Similar tendencies for the modulus of P3HT to 

saturate with increasing molecular weight have been reported using a molecular dynamics 

simulation.35 Tummala et al. showed that the modulus does not change significantly above the 

entanglement chain length since the modulus is the stress response in the initially elastic regime.35 

In the FOE method, the moduli increased as the molecular weight increased from 15 kDa to 40 

kDa, and decreased for samples >40 kDa. We hypothesize that the polymer chains are well packed 

and confined up to 40 kDa (just above the entanglement chain length). However, above the 

entanglement length, polymer chains exhibit slower reptation dynamics and cannot pack as 

efficiently. This phenomenon results in increased free volume of the amorphous domains and 

softer behavior in compression tests. For both the FOW and FOE method, the 15 kDa sample 

exhibited the lowest modulus and greatest brittleness. The brittleness observed for 15 kDa is 

consistent with the fact that the molecular weight is smaller than the previously determined 

entanglement molecular weight for P3HT of 25 kDa, as determined by GPC.9  

 

Figure 3.2. Tensile moduli of P3HT thin films with a range of molecular weight. (a) As measured by FOW 
methods. (b) As measured by FOE methods. 
 

We attribute the difference in values for tensile modulus obtained using the FOW and FOE 

methods to three factors: (1) voids in the film which create a different stress response under tension 
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vs. compression, (2) inhomogeneities in thickness (surface roughness), and (3) strain rate. It is 

often found that materials measured in compression exhibit higher moduli than those measured in 

tension.44 For example, a study by Johnston et al. reported the tensile modulus of PDMS cured at 

room temperature to be 1.32 ± 0.07 MPa, the same sample exhibited a compressive modulus of 

186.9 ± 5.39 MPa.45 Similar results have been reported for polyethylene and epoxy resins.46,47 In 

the FOW method, the films experience tensile stress, whereas the buckling technique used in the 

FOE method produces compressive stress. Variation in the stress response of the materials under 

these two modes of deformation can occur for two reasons. The first is the presence of 

imperfections, voids, and pinholes arising from free volume in the polymer network or processing 

of the films. Under tension, these imperfections will grow or elongate and can manifest as a 

reduction in the modulus, whereas in compression voids and pinholes will be closed; closing of 

the pinholes minimizes their effects and leads to a higher modulus (Figure 3.3).44  

 

Figure 3.3. Illustration depicting the effect of tensile and compressive stresses on voids, pinholes, and 
imperfections in a thin film. Under tension defects will grow and become larger, in compression this effect 
is reversed and the defects shrink. 
 

The second factor that may contribute to lower values for modulus in the FOW method is 

surface roughness and imperfections. That is, in a thin film, the roughness may be a significant 
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fraction of the total thickness of the film. We used atomic force microscopy (AFM) to quantify the 

degree of surface roughness (Figure 3.4). Overall, it shows similar surface morphology in all the 

samples. The peak-to-valley roughness, Rpv, was around 25-34 nm, which is 13-17% of total films 

thickness (~200 nm). The inhohogeneities of film thickness from the high peak-to-valley distances 

can cause the stress concentration in the thinnest regions of the film under tension, and the 

concentration of the stress would thus produce lower values for modulus and premature failure. In 

compression this effect is mitigated because the valleys at the film surface will be closed.  

 

Figure 3.4. AFM images showing the surface morphology of P3HT with increasing molecular weight. Scan 
area was 5 × 5 µm. 
  

In any stress-strain measurement, the strain rate effects the apparent modulus. Generally, 

higher strain rates lead to higher moduli.44 To illustrate this effect, we tested a 63 kDa P3HT 

sample at a fast and slow strain rate in the FOW setup (Figure 3.5). The FOW tensile test 

conducted at a relatively slow strain rate of 0.3 ´ 10-3 s-1 produced a modulus value of 0.261 GPa. 

The fast FOW test had a strain rate of 3.0 ´ 10-3 s-1 and the modulus obtained was 0.438 GPa, 

which is almost 2× larger than the value obtained using the slow test. A similar experiment was 

performed using the FOE method where a sample was compressed at a relatively slow rate of 0.3 

´ 10-1 s-1 on a linear actuator and a fast rate by releasing the strain instantaneously, but there was 

no significant change in the buckling wavelength with varying strain rate. We hypothesize the 
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strain rate effects in tensile loading are largely responsible for the differences in the moduli 

reported by the two methods, FOW and FOE. In the FOW test the strain rate was slow at 0.3 ´ 10-

3 s-1 however, a faster strain rate would have produced a larger tensile modulus. Collectively the 

effects from varying strain rate, inhomogenieties in film thickness, and void space in the films 

behaving differently in tension versus compression lead to a larger tensile modulus being reported 

in compressive FOE buckling measurements then those reported in free-standing FOW tensile 

tests. 

 

Figure 3.5. Stress-strain curves of 63 kDa P3HT tested using two different strain rates. The FOW pull test 
conducted using the faster strain rate produced a 2´ larger apparent tensile modulus.  
 

3.3.2 Ductility.  

Both methods show good qualitative agreement in the increase of ductility of the films with 

increasing molecular weight (Table 3.1). The differences in the absolute values of the strain at 

failure arise from the labeling of the failure point in FOE methods. In the FOW method, the strain 

at failure is the point at which the film is completely ruptured; in the FOE method, the strain at 

failure is labeled as the onset of cracks or pinholes in the film. The strain at which the film 
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completely ruptures (bifurcates) in the FOE method would be much higher than in the FOW 

method. The great extent to which a film on an elastomeric substrate can be stretched is not a true 

represenation of the strain at which a freestanding film would fail. This difference is due to the 

film being supported by an elastomeric substrate which redistributes stress to the film (as opposed 

to in the FOW method, where stress is concentrated to the defects and thin areas). The mechanical 

behavior of the elastomeric substrate also plays an important role in the crack behavior observed 

in the thin films. A stiff substrate with an elastic modulus closer to that of the P3HT thin film lead 

to the onset of cracks at a higher strain, compared to a softer elastomer which cracked at relatively 

lower strains due to the greater mismatch in the elastic modulus. (Figure C.1). To mitigate this 

effect, it is best to select a substrate that is close to the modulus of the thin film to help reduce 

interfacial stresses while maintaining sufficient adhesion for the transfer of the film to the 

substrate. It was expected that the ductility of the films would increase with molecular weight for 

two reasons: (1) at higher molecular weight there is an increase in the degree of interchain π-

stacking in the crystalline regions of the film which increases the number of van-der-Waals bonds 

needed to be broken for chain pullout to occur and (2) in the amorphous regime there is an increase 

in the number of intrachain folds and physical linking of the polymer chains which makes 

disentanglement of chains increasingly difficult.26 We hypothesize that at low molecular weight 

the polymer film has a low density of entanglements and cracking occurs by chain pullout. At high 

molecular weight there is a high density of entanglements and cracking occurs by chain scission. 
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Table 3.1.  Tabulated values of the mechanical properties of P3HT films as a function of molecular weight. 
 

FOW Methods 

Mn (kDa) Tensile modulus (GPa) Strain at fracture (%) Toughness (kJ/m3) Tensile strength 
(MPa) 

15 0.203 ± 0.014 4.5 ± 0.3 0.14 ± 0.01 4.5 ± 0.3 

40 0.263 ± 0.015 13.0 ± 1.2 0.99 ± 0.08 10.5 ± 0.5 

63 0.261 ± 0.020 58.7 ± 6.5 6.80 ± 0.78 12.6 ± 0.2 

80 0.270 ± 0.012 95.6 ± 7.7 13.17 ± 0.97 17.1 ± 0.6 

FOE Methods 

Mn (kDa) Tensile modulus (GPa) Crack onset strain (%) Estimated 
toughness (kJ/m3) 

Tensile strength 
(MPa) 

15 0.71 ± 0.19 2.83 ± 0.41 0.85 ± 0.21 ---- 

40 1.79 ± 0.12 12.83 ± 1.72 11.87 ± 3.77 ---- 

63 1.46 ± 0.22 27.33 ± 4.37 27.25 ± 7.62 ---- 

80 0.92 ± 0.18 31.17 ± 11.67 20.69 ± 9.89 ---- 

 

3.3.3 Aggregation behavior.  

Ultraviolet/visible (UV-vis) spectroscopy measurements were used to measure how the 

optoelectronic properties changed with molecular weight (Figure 3.6a). In particular we sought to 

analyze the degree of aggregation present in the semi-crystalline P3HT thin films. The absorption 

of weakly interacting H-aggregates is determined by coupled electronic-vibrational (vibronic) 

energy transitions. Two effects were observed: (1) there was a small red shift with increasing 

molecular weight and (2) the peaks associated with the vibronic progression are the most 

pronounced for the 80 kDa sample. Similar results have been reported previously by Kline and 

Zen et al.21,48 Analysis using the weakly interacting H-aggregate model revealed an increase in the 

conjugation length of P3HT with increasing molecular weight, as manifested in a decrease in the 

exciton bandwidth extracted using the weakly interacting H-aggregate model of Spano and 
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coworkers (Figure 3.6b).49–52 These results correlate well with the observed feature changes in the 

UV-vis spectra, that is, longer conjugation length leads to absorption at lower energy.53 We 

hypothesize that increased conjugation in a P3HT thin film leads to more resistance to deformation 

and therefore a higher tensile modulus as observed in Figure 3.2a. H-aggregate analysis also 

showed that the 15 kDa sample had the highest fraction of aggregates which is due to the ability 

of low molecular weight P3HT to form chain extended crystals and distinct lamellae.9 As the 

polymer chains become longer the lamellar structures become intermixed in an amorphous 

network of polymer which decreases the overall fraction of aggregates. However, once the polymer 

chains become sufficiently long the degree of self-folding grows which is manifested as an 

increase in the fraction of aggregates as seen in Figure 3.6b (data points indicated in blue). 

 

Figure 3.6. (a) UV-vis spectra showing the normalized absorbance of P3HT thin films with increasing Mn. 
(b) Exciton bandwidth, W, of the P3HT thin films as determined by the weakly interacting H-aggregate 
model. W is inversely correlated with conjugation length. 
 

3.3.4 Molecular dynamics simulations.  

Coarse-grained molecular dynamics simulations were used to demonstrate the microscopic 

effects of entanglements on the tensile response. A description of the models and simulation 

protocols used can be found in our previous publication.38 We prepared two systems: one with 

chain lengths equal to the entanglement length, Ne ≈	50 repeat units, and one with high molecular 
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weight chains of 300 repeat units (≈6Ne).  The morphology was prepared to represent a polymer 

film that was spin coated from a good solvent such as chloroform; it was homogenous and did not 

contain voids. To quantify entanglements, a primitive path analysis was performed using the Z1 

algorithm of Kröger and coworkers.54–57 As expected, we found that the low molecular weight 

system was barely entangled with ≈	2 interior kinks per chain while the high molecular weight 

system was highly entangled with ≈	8 interior kinks per chain. The low molecular weight system 

(50-mers) was observed to fracture via chain pullout (Figure 3.7). The high molecular weight 

system (300-mers) did not crack in the simulations, instead, we observed that the stress was 

concentrated to relatively few entangled chains (Figure 3.7). Although the model employed in 

these simulations did not include the potential for bonds to break, this observation provided 

evidence that fracture in entangled samples is in fact due to chain scission. The order of magnitude 

obtained for the tensile modulus (~1 GPa) was in closer agreement with the FOE method than with 

the FOW method. We attribute this finding to the fast strain rate employed in the simulations, as 

well as the absence of macroscopic heterogeneities, voids, and thin-film confinement effects.  
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Figure 3.7. Comparison of uniaxial tensile response between disentangled (N ≈	Ne) and highly entangled 
(N ≈	6Ne) systems, as computed by coarse-grained MD. Snapshots illustrate a 5-nm slice of the simulation 
trajectory at 200% strain. Polymers are colored by chain number to make them distinguishable. 
 

3.4 Conclusions 

In conclusion, we compared the results from two different methods (FOW and FOE) of 

determining the mechanical properties of P3HT thin films as a function of molecular weight. The 

FOE method produced higher values of the tensile modulus than the FOW method. These results 

can be attributed to various differences between the two metrological techniques including mode 

of loading (tension vs. compression), strain rate, and substrate effects. Complementary coarse-

grained MD simulations demonstrate that fracture occurs via chain-pullout in the low molecular 
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weight samples, and provides evidence to support the hypothesis that entangled systems exhibit 

chain scission as the dominant fracture mechanism. All three methods produced good qualitative 

agreement in finding the strain at which the films failed and showed an increase in ductility with 

increasing molecular weight of P3HT. This work revealed that mechanical analysis of thin films 

is not independent of the method used to study them and offers a point of reference for comparing 

the mechanical properties of materials measured using a pull test and those using methods 

involving thin films bonded to elastomers. Furthermore, the results presented here make a strong 

case for employing pull tests, such as FOW, over FOE based experiments to save time, preserve 

material, and to obtain the most facile, reliable, and precise measurements of mechanical 

properties. 
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Figure 4.1. Graphical abstract. 

Abstract 

Most advantages of organic electronic materials are enabled by mechanical deformability, 

as flexible (and stretchable) devices made from these materials must be able to withstand roll-to-

roll printing and survive mechanical insults from the external environment. Cohesion and adhesion 

are two properties that dictate the mechanical reliability of a flexible organic electronic device. In 

this paper, progressive-load scratch tests are used for the first time to correlate the cohesive and 

adhesive behavior of poly(3-alkylthiophenes) (P3ATs) with respect to two molecular parameters: 

length of the alkyl side chain and molecular weight. In contrast to metrological techniques based 

on buckling or pull testing of pseudo-freestanding films, scratch tests reveal information about 

both the cohesive and adhesive properties of thin polymeric films from a single procedure. Our 

data show a decrease in cohesion and adhesion—i.e., a decrease in overall mechanical 

robustness—with increasing length of the side chain. This behavior is likely due to increases in 

free volume and concomitant decreases in the glass transition temperature. In contrast, we observe 

increases in both the cohesion and adhesion with increasing molecular weight. This behavior is 

attributed to an increased density of entanglements with high molecular weight, which manifests 

as increased extensibility. These observations are consistent with the results of molecular dynamics 
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simulations. Interestingly, the normal (applied) forces associated with cohesive and adhesive 

failure are directly proportional to the average degree of polymerization—as opposed to simply 

the molecular weight—as the length of the alkyl side chain increases the molecular weight without 

increasing the degree of polymerization. 

 

4.1 Introduction 

 Organic electronic materials have applications ranging from ultrathin organic photovoltaic 

(OPV) devices1,2 and organic field-effect transistors (OFETs)3,4 to wearable sensors5,6 and 

actuators.7 The electronic properties of these materials—e.g., as manifested in the efficiency of 

solar cells8 and the charge-carrier mobility in thin-film transistors9—have improved dramatically, 

at least in devices fabricated at the laboratory scale. It is possible, however, that the performance 

at production scale could be limited by the mechanical reliability of a real device, which comprises 

multiple materials and interfaces.10 In this study, we used progressive-load scratch testing for the 

first time to measure the cohesion and adhesion—in thin films of poly(3-alkylthiophene)s (P3ATs) 

as functions of two parameters: length of the alkyl side chain and molecular weight (and thus the 

degree of polymerization). Strong cohesion can improve mechanical stability by increasing the 

resistance to the formation and propagation of fracture. (We use “cohesion” to refer to the films 

resistance to tearing under the applied load and the sum of the intermolecular forces, rather than 

specifically to the “cohesive fracture energy,” an extensive property measured using the four-point 

bending11 or double-cantilever beam test.12) Furthermore, since these devices are typically 

supported or encapsulated by a substrate, and composed of several layers, good adhesive strength 

is necessary to prevent delamination. Organic semiconductors, however, tend to exhibit poor 

adhesion as illustrated by recent studies on roll-to-roll printed OPV devices that determined the 
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dominant mechanism of failure in these devices was delamination at the electrode-semiconductor 

interface.12–14 

Scratch testing is an attractive method of characterizing the cohesion and adhesion of thin 

films on substrates, in a single test. The greatest strength of scratch testing is its practicality. 

Moreover, the sample used for testing can be made to isolate aspects of a real device: for example, 

the material of interest can be measured on realistic substrates, as opposed to on water or silicone 

rubber. During a scratch test, the initial indentation of the film is purely elastic.15 As the force is 

increased, a critical load is reached that exceeds the elastic limit of the soft film and plastic 

deformation begins to occur (assuming the hardness of the indenter tip is much greater than the 

film).15 Cohesive failure then occurs due to tensile stress behind the stylus tip and is observed as 

cracking or tearing in the film. Similarly, adhesive failure occurs due to compressive stress in front 

of the stylus tip, leading to delamination of the film by buckling or spallation. Schwarzer analyzed 

the stress distribution in scratch tests using the concept of the effective indenter and extended 

Hertzian theory.16 In scratch tests both the cohesive and adhesive failure of thin films are thickness 

dependent, but saturate above a critical thickness (bulk value).15 A prior study showed that 

cohesion and adhesion increased linearly with thickness for silicone elastomer coatings, until the 

bulk value was reached.17 By assessing the type of crack propagation (i.e., tensile, conformal, 

Hertz) and spallation (i.e., buckling, compressive, gross) the mechanical failure mode (i.e., brittle 

vs. ductile) may be identified.18 Since scratch testing can characterize cohesive and adhesive 

behavior, as well as brittleness and ductility, it may be used as a complement or even replacement 

for existing methods of metrology. 

We selected P3ATs as the model materials. P3ATs are the most commonly studied subset 

of conjugated polymers and have been central to the development of organic electronics.19 The 
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mechanical properties (elastic modulus, yield strength, ductility, and toughness),20 electronic 

properties (charge-carrier mobility),21 and thermal transitions22 of P3ATs are well known. 

Moreover, the quasi-living nature of the synthesis of P3ATs permits control over the molecular 

weight and dispersity, and the length of the alkyl side chain is similarly easy to control when 

preparing the monomer. We selected alkyl side chain lengths of n = 6, 7, and 10 since the glass 

transition temperatures (Tg) of these materials are around (n = 6, P3HT), below (n = 7, P3HpT), 

and well below (n = 10, P3DT) room temperature. Similarly, we chose molecular weights that 

spanned a range with the previously reported entanglement molecular of P3HT (35 kDa)22 roughly 

in the center. To eliminate effects caused by large deviations in molecular weight we selected 

dispersities in a narrow range. 

A schematic illustration of a typical setup for scratch testing is depicted in Figure 4.2a. In 

a progressive-load scratch test, a stylus is dragged across the surface of a sample with an applied 

load that increases linearly with position, as described in Figure 4.2b. The location at which the 

film exhibits critical failure (Lci) and the corresponding normal force (Fni) are recorded during the 

experiment. The failure events are identified by the operator with assistance from optical 

microscopy, acoustic emission, and image analysis software.23 The Lci associated with the failure 

of a film is a function of the adhesion between the film and the substrate, the thickness of the film, 

the rate of loading, the shape of the stylus tip, and the mechanical properties of both the substrate 

and the film.17,24 Additionally, surface treatments affect the adhesion of the films to a substrate 

(i.e. silanes or oxygen plasma). If these properties (thickness, loading rate, stylus tip, substrate, 

surface treatment) are held constant, however, Fni may be used as the basis for a comparative 

analysis of the films.15 Typically, the applied force is recorded at three distinct positions which are 

indicative of critical failure, as shown in Figure 4.2c. Lc1 is the location in the direction of 
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displacement where the stylus first tears the surface of the film, but has not touched the substrate. 

In our tests, Lc1 was identified by a change in the appearance of the film (from dark orange to 

bright orange) in the scratch channel which signaled tearing, Figure 4.2d. (An AFM image of this 

region of the scratch channel is given in Figure D.1.) The normal force measured at this position, 

Fn1, is a measure of the samples resistance to cohesive failure. The region to the left of Lc1 is the 

residual penetration depth of the stylus, which is due to plastic deformation of the film. Lc2 is the 

location at which the stylus scratches through the sample completely and contacts the substrate; 

this position signals the onset of adhesive failure, Figure 4.2e. Finally, Lc3 is the position at which 

gross delamination begins to occur, Figure 4.2f. The forces corresponding to positions Lc2 and 

Lc3 are used to compare the adhesion of materials to substrates. 
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Figure 4.2. Scratch testing of thin films and coatings. (a) Schematic representation of a typical setup for 
scratch testing. (b) Profile of force versus position for a progressive-load scratch test. (c) Image of a scratch 
channel labeled with locations of critical failure, Lc1, Lc2, and Lc3. (d) Magnified images of Lc1, (e) Lc2, 
and (f) Lc3. 
 

4.2 Results and Discussion 

Results from the scratch testing of P3ATs, Figure 4.3a, show a decrease in cohesion as a 

function of the length of the alkyl side chain n (probability value (P) ≤ 0.001 between n = 6 and 

10). The effect of n on the mechanical properties of thin films of P3ATs was previously examined 

both experimentally25 and computationally:26 the ductility increases, whereas the elastic modulus 

decreases, as a function of n. This effect was a manifestation of the glass transition temperature, 

Tg, changing from near room temperature to well below it as n changed from 6 to 7.25 The decrease 

in the Tg is a result of increased free volume in the polymer film with increasing n. Since van der 

Waals forces are dependent on the inverse sixth power of interchain distance, small changes in 

separation between the main chains (decreased density) will produce large decreases in the 
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intermolecular forces and decreased cohesion.27 To examine the effect of increasing n on 

aggregation behavior, which is known to influence mechanical properties,28 we obtained UV-vis 

spectra. We found that an increase in n corresponded to a decrease in the conjugation length and 

the fraction of aggregates in the films, as determined using the weakly interacting H-aggregate 

model29–31 (Figure D.2 and Table D.1). Decreased adhesion of P3ATs with increasing n, (P ≤ 0.01 

between n = 6 and 10) as shown in Figure 4.3b, is also consistent with reduced density (the 

Hamaker constant, which characterizes the adhesion between solids, is proportional to density). A 

prior study has shown that the surface energy of P3AT thin films decreased with n, as measured 

by an increase in water contact angle.25  

 

Figure 4.3. Results from scratch testing of P3ATs as a function of the length of the side chain n. (a, b,) 
Normal forces recorded at each critical location, Lci. Data points represent means ± s.d. (i = 5). *P ≤ 0.05, 
**P ≤ 0.01, ***P ≤ 0.001, ****P ≤ 0.0001. (c) Thickness measurements of each film under study. (d) 
Scratch channel images of each P3AT tested. Color variation in the samples arise from changes in n which 
affect the optical behavior of the films. 
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The normal forces recorded at the beginning of gross delamination (Fn3) did not exhibit a 

clearly observable trend and contained a considerable amount of error. The error was due to 

ambiguity in the labeling of Fn3 for n = 7 and 10. Therefore, we did not consider measurements of 

Fn3 in our analysis. Upon visual inspection, however, it appears that films of n = 7 and 10 exhibit 

lower adhesive strength than n = 6 (the films fail adhesively further to the left). Figure 4.3c plots 

the thickness of each film as a function of n. Figure 4.3d shows the scratch channel for each of 

the P3ATs tested as a function of n. The images qualitatively show a decrease in the normal force 

required to induce failure by observing that the initiation of Lc1 and Lc2 occurred earlier in the 

scratch test (Fni increased linearly).  

It is well known that the molecular weight of conjugated polymers strongly influence the 

density of entanglements and therefore the mechanical properties.20,22 We thus performed scratch 

tests on P3HT having a range of Mn. The results show an increase in the cohesion as a function of 

Mn, Figure 4.4a. (P ≤ 0.0001 between Mn = 15 and 80 kDa). By way of comparison, critical forces 

measured for the P3HT (80 kDa) sample correspond to the following data obtained by tensile 

testing: modulus, 0.27 GPa; toughness, 13.17 MJ m-3; tensile strength, 17.1 MPa, Table 4.1.20 For 

regioregular P3HT, increases in Mn lead to physical linking of polymer chains (entanglements) 

and tie molecules that traverse multiple crystallites, which increase the connectivity between 

chains.32 This effect is magnified once the polymer length exceeds the entanglement molecular 

weight. It thus has a direct impact on the cohesive strength of conjugated polymers as it raises the 

energy required for chain disentanglement and chain pullout.11 Similar results showing an increase 

in the cohesive strength of P3HT:fullerene bulk heterojunction films as a function of Mn, have 

been reported.11 Additionally, prior studies have shown that extensibility and toughness increase 

with increasing molecular weight of P3HT, Table 4.1.20,22 
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Table 4.1. Tabulated values of the mechanical properties of P3HT in a range of molecular weights as 
determined by tensile testing. The tests were conducted in a prior study.20 
 

Mechanical Properties of P3HT 
Mn (kDa) Tensile modulus (GPa) Strain at fracture (%) Toughness (MJ/m3) Tensile strength (MPa) 

15 0.203 ± 0.014 4.5 ± 0.3 0.14 ± 0.01 4.5 ± 0.3 
40 0.263 ± 0.015 13.0 ± 1.2 0.99 ± 0.08 10.5 ± 0.5 
63 0.261 ± 0.020 58.7 ± 6.5 6.80 ± 0.78 12.6 ± 0.2 
80 0.270 ± 0.012 95.6 ± 7.7 13.17 ± 0.97 17.1 ± 0.6 

 

It has been hypothesized that the Mn of a polymer may have a significant impact on the 

adhesion of the material to a substrate.33 Our results support this premise as the adhesion of P3HT 

increased as a function of Mn, shown in Figure 4.4b, 4.4c. (P ≤ 0.0001 between Mn = 15 and 80 

kDa). Since the thickness of the samples was held relatively constant, Figure 4.4d, thickness 

dependence may be eliminated as the dominating factor for the observed increase in Fn2 and Fn3. 

The increase in adhesion may be explained, in part, by the presence of a “liquid-like” skin layer 

near the free surfaces of the polymer films which dissipates stress. In this region, the polymer 

chains are highly mobile and less entangled than the bulk. To simulate the number of 

entanglements as they vary with the Z-height of a thin film we performed coarse-grained molecular 

dynamics using a well-established model for P3HT that contains three coarse-grained sites per 

monomer,34 Figure 4.4e. The number of entanglements is estimated from the intersections of the 

primitive paths of the polymer chains, i.e., the number of interior kinks per chain.26 The results 

show that for a 40 nm thin film of P3HT (300 repeat units), the density of entanglements is initially 

low and then increases sharply 5 nm into the film (on both the top and bottom surfaces). For 

sufficiently thin films, the skin layer has a thickness on the same order of magnitude as the length 

of individual polymer chains. Using the same model, the predicted trend for the RMS radius of 
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gyration <Rg2>1/2 and RMS end-to-end distance <E2E2>1/2 as a function of the average number of 

repeat units in the polymer chain <m> is shown in Figure 4.4f. Our results suggest that—for a film 

thickness of 120 nm—the skin region comprises approximately 10% of the total film thickness for 

P3HT with low Mn and approximately 30% of the total film thickness for P3HT with high Mn. For 

high Mn polymers, it can be expected that the larger volume of the skin layer will lead to a greater 

capacity to dissipate mechanical energy during the adhesive failure process, resulting in increased 

adhesion. 

It should also be noted that all the results from scratch testing involve some level of 

cooperativity between cohesive strength and adhesion. During a scratch test, for a film to fail 

adhesively, it must first fail cohesively by cracking through the thickness of the film. The initiation 

and propagation of such a crack will lead to early adhesive failure by gross delamination, as seen 

in the low Mn P3HT film, Figure 4.4g. In high Mn samples, however, ductility increases and crack 

propagation is hindered by the plastic dissipation zone, a region near the crack tip that dissipates 

energy through plastic deformation.35 It is then reasonable to assume that any observed increase in 

adhesion (Fn3 and Lc3) is partly a consequence of the increased cohesive strength of P3HT films 

with greater Mn, and their ability to dissipate mechanical energy.  
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Figure 4.4. Scratch testing results for P3HT as a function of Mn. (a, b, c) Normal forces recorded at each 
critical location, Lci. Data points represent means ± s.d. (i = 5). *P ≤ 0.05, **P ≤ 0.01, ***P ≤ 0.001, ****P 
≤ 0.0001. (d) Thickness measurements of each Mn tested. (e) Coarse-grained molecular dynamics estimation 
of the number of “entanglements”—calculated as the number of interior kinks per chain26—as a function 
of Z-height in a 40 nm P3HT thin film (300 repeat units). (f) Coarse-grained molecular dynamics 
predictions of the RMS radius of gyration (<Rg

2>1/2) and the RMS end-to-end distance (<E2E2>1/2) for three 
representative chain lengths. (g) Scratch channel images of each Mn tested. Color differences between the 
samples arise from changes in aggregation behavior with increasing Mn which affect the optical behavior 
of the films, see Figure D.2 and Table D.1. 
 

Figure 4.5a and 4.5b plot the normal force associated with cohesion and adhesion as a 

function of the average number of repeat units <m>. We chose <m> for our analysis, as opposed 
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to Mn, since two polymers of the same Mn may have different degrees of polymerization, depending 

on the mass of the monomer (i.e., P3HT vs P3DT). Interestingly, there is a linear correlation 

between <m> and the forces required for failure for all polymers above the entanglement molecular 

weight, regardless of n. We note that one data point was excluded, P3HT (Mn = 15 kDa), since this 

sample was below the entanglement molecular weight. In P3ATs, the length of the side chain 

seems to play a secondary role to the length of the main chain once the entanglement molecular 

weight has been surpassed. This is a seemingly desirable result since the charge-carrier mobility 

of P3HT generally improves with increasing Mn and plateaus once the entanglement Mn is 

surpassed.36 The increase in electronic performance arises from favorable changes in morphology 

in the films. At low Mn, the polymer chains exist as non-interconnected chain extended crystals 

and charge transport is hindered by grain boundaries that create energetic trap states.22 At high Mn 

the polymer chains exhibit a larger degree of self-folding and tie molecules that connect crystalline 

regions of the polymer film; this morphology results in improved charge transport.21,22,36,37 

 

Figure 4.5. Plots showing the linear relationship between average degree of polymerization <m> and the 
force required for failure. (a) Fn1 and (b) Fn2 versus <m>. 
 

4.3 Conclusions 

These results suggest that progressive-load scratch testing has considerable value in 

measuring the cohesion and adhesion of conjugated polymers. In particular, measurements of 
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P3ATs as a function of the length of the side chain n and P3HT in a range of Mn have shown that 

cohesion and adhesion decreased as a function of n for P3ATs and increased with Mn for P3HT. 

When the results are plotted as a function of repeat units <m>, for all polymers above the 

entanglement molecular weight, we observed a linear relationship between <m> and the associated 

normal forces of failure. This work demonstrates the practicality of scratch testing as a method of 

characterizing the cohesive and adhesive behavior of organic semiconductors. Our findings could 

inform the design of conjugated polymers that exhibit greater mechanical reliability in organic 

electronic devices. 
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A.1 UV-vis absorption of P3HT:methanofullerene films on different substrates 

 
Figure A.1 UV-vis absorption of P3HT:methanofullerene thin films (~150 nm) on plasma-treated glass, 
FOTS-treated glass, and PEDOT:PSS films. The spin-coating parameters and solution concentration were 
kept constant through-out all samples. The complete overlaps observed in the normalized absorbance 
suggest that the differences in the microstructure resulted in these films are minimal.  
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A.2 Photovoltaic characteristic of P3HT:methanofullerenes with 1:1 mixture of [60]PCBM 
and [70]PCBM 
 

 

Figure A.2. Photovoltaic characteristic of averaged devices (N ≥ 8) with an active layer of 1:1 blend of 
P3HT and respective methanofullerenes. The architecture of the devices was 
PEDOT:PSS/P3HT:methanofullerene/EGaIn. 
 
Table A.1. Summary of the photovoltaic figures of merit for P3HT:methanofullerene solar cells 
fabricated in this work (N ≥ 8) † 
 

Device VOC                  

(mV) 
JSC                        

(mA cm–2) 
FF                
(%) 

PCE             
(%) 

P3HT:[60]PCBM (99%) 602 ± 5.5 6.74 ± 0.2 59 ± 3.0   2.36 ± 0.2 
P3HT:[60]PCBM (Tech. Gr.) 602 ± 3.7 6.60 ± 0.4 48 ± 4.8 1.89 ± 0.2 
P3HT: 1:1 Mixture 605 ± 1.6 6.63 ± 0.5 50 ± 3.4  1.98 ± 0.1 
P3HT:[70]PCBM (Tech. Gr.) 598 ± 11.2 7.41 ± 0.3 53 ± 1.7 2.35 ± 0.1 
P3HT:[70]PCBM (99%) 606 ± 7.5 7.47 ± 0.4 55 ± 1.3 2.48 ± 0.1 

 
†The solar cell device architecture was PEDOT:PSS/P3HT:methanofullerene/EGaIn. PEDOT:PSS, doped with 7% 
DMSO and 0.1% Zonyl, was spin-coated to create a layer of ~150 nm thick. The active layer was spin-coated from a 
solution of 1:1 P3HT:methanofullerene in ODCB (40 mg mL–1) and thermally annealed at 125 °C in an inert 
atmosphere. EGaIn droplets were extruded to create the active area of ~0.02 cm–2.  
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A.3. Buckling methodology 

 To measure the tensile moduli of the pure fullerene films, we tested the bilayer systems 

comprising a layer of PEDOT:PSS with known tensile modulus and a layer of pure fullerene film 

with unknown modulus. We obtained the characteristic buckling wavelengths for different 

thicknesses of the bilayer systems, while keeping the thickness ratio of the PEDOT:PSS and the 

fullerene film constant. The examples of the optical micrograph of the buckles are shown in Figure 

A.3. The buckling wavelengths were then plotted against the overall thickness of the bilayer 

system as shown in Figure A.4. The effective modulus of the bilayer (Eeff) was then calculated 

using equation 1:  

𝐸9$$ = 3𝐸' (
1 − 𝜐$,

1 − 𝜐',
- .

𝜆0
2𝜋𝑑$

4
5

					 (𝟏) 

Where the fitted slope from Figure A.4 is used as the ratio between buckling wavelength, λb, and 

the thickness of the film, df; Es is the tensile modulus of the PDMS substrate; the Poisson’s ratios 

of the bilayer and the substrate, νf and νs, were 0.35 and 0.5, respectively. 

 From the known modulus of the PEDOT:PSS films (Ef,1) and the effective modulus of the 

bilayer (Eeff), we used equation 2 to calculated the modulus of the pure fullerene film (Ef,2). In all 

of our experiment, the ratio between the thickness of the PEDOT:PSS and the pure fullerene films 

were kept constant at 1. The examples of the curve of equation 2 are shown in Figure A.5. The 

output, the modulus of the pure fullerene film, are plotted against the modulus of the bilayer system 

for different values of the PEDOT:PSS. In our experiment, the modulus of the PEDOT:PSS was 

kept constant at 3 GPa.  

𝐸9$$ = 	
1 + 𝑚,𝑛= + 2𝑚𝑛(2𝑛, + 3𝑛 + 2)

(1 + 𝑛)5(1 +𝑚𝑛) 𝐸$,?; 	where	𝑚 =
𝐸$,,
𝐸$,?

, 	𝑛 =
𝑑$,,
𝑑$,?

							(𝟐) 
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Figure A.3. Examples of the optical micrograph of the buckles obtained from the bilayer systems 
comprising PEDOT:PSS and pure fullerene films at different thicknesses.  

 

Figure A.4. An example of buckling wavelength vs. film thickness plot for a bilayer system. The slope of 
the fitted linear line was used as the ratio of the buckling wavelength and film thickness in equation 1.  
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Figure A.5. Plot of the output tensile modulus of the pure fullerene films vs. the obtained tensile modulus 
of the bilayer films (PEDOT:PSS and pure fullerene) when the ratio of the thickness of the PEDOT:PSS 
and the pure fullerene film is kept constant at 1.  
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B.1 Photovoltaic properties of small-molecule BHJs with HPI-BT as the acceptor 

Figure B.1 shows the performance of small-molecule BHJs with HPI-BT as the acceptor. 

We did not investigate the photovoltaic performance of these devices under strain because of their 

low PCE values. The most efficient solar cells, those containing PC71BM as the acceptor, were not 

measured under strain since they cracked at relatively low strains. Cracking leads to failure by 

disconnecting the active regions from the electrodes, shorting of the electrodes through the film, 

or both. 

 

Figure B.1. Photovoltaic plots of (a) DTS(FBTTh2)2:HPI-BT and (b) SMDPPEH:HPIBT bulk 
heterojunction solar cells. The curves represent average values of N = 3 devices for both (a) and (b), the 
inset shows the values from the best performing solar cells. 
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B.2 Thermal properties of small-molecule semiconductors 

 

Figure B.2. DSC thermograms showing the melting temperature of DTS(FBTTh2)2, SMDPPEH, TIPS-
pentacene, and HPI-BT. 
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B.3 Optoelectronic properties of small-molecule semiconductors 

 

Figure B.3. Absorption spectra of as-cast pure (a) DTS(FBTTh2)2, (b) SMDPPEH, (c) HPI-BT, and (d) 
PC71BM thin films. All films were analyzed on PDMS with a device architecture of 
PDMS/PEDOT:PSS/Film. Spectra was first collected from unstrained films and sequentially after being 
strained to 10% with no polarization and with polarization both perpendicular (perp) and parallel (para) to 
the axis of strain. 
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C.1 Effect of modulus mismatch on crack-onset strain measurements 

When conducting crack onset measurements of thin film materials, the mechanical 

properties of the underlying elastomeric substrate have a direct effect on the crack behavior. Both 

the elastic modulus and the adhesion of the thin films to the substrate must be considered. To 

illustrate the effects of the substrate on the crack behavior of the P3HT thin films we conducted a 

series of tests on PDMS and varied the curing ratio (5:1, 10:1, and 20:1). Our results indicate that 

as the elastomer becomes softer and more adhesive the films exhibit a lower crack onset and a 

higher crack density at the same applied strain. This is in part due to the growing mismatch in 

elastic modulus as the PDMS base:crosslinker ratio is increased. This suggests that matching the 

modulus of the substrate to the film under study is the best way to optimize the crack behavior in 

FOE methods. However, if the PDMS curing ratio is too low the adhesion is compromised and the 

thin films will not adhere to the substrate. Therefore, a balance between good adhesion and 

modulus matching must be achieved for the best results. 

 

 

Figure C.1. Crack density at 20% strain of a 40 kDa P3HT sample on PDMS. The PDMS curing ratio was 
variable at 5:1, 10:1, and 20:1. 
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C.2 Experimental section: 

C.2.1 Synthesis of materials. 

Samples of regioregular poly(3-hexylthiophene) (P3HT) were synthesized according to the 

GRIM method.1 The molecular weight was controlled by varying the amount of catalyst 

(dichloro[1,3-bis(diphenylphosphino)propane]nickel) added to the solution of freshly prepared 

Grignard reagent (prepared by the reaction of 2,5-dibromo-3-hexylthiophene and 0.98 equivalents 

of titrated isopropylmagnesium chloride lithium chloride complex solution (1.3M in THF). After 

catalyst addition, the reaction was refluxed for 4 h. After cooling to room temperature, the reaction 

mixture was poured into MeOH/HCl (4/1, v/v) mixture and filtered through a Soxhlet thimble. The 

polymer was extracted with methanol, acetone, hexane and chloroform. The chloroform solution 

was concentrated and reprecipitated into methanol. The precipitate was dried under vacuum to 

afford the final polymer. Number-average (Mn) and weight-average (Mw) molecular weights were 

determined by Agilent Technologies 1200 series GPC running in chlorobenzene at 80 °C, using 

two PL mixed B columns in series, and calibrated against narrow polydispersity polystyrene 

standards. The number average molecular weights of P3HTs are 15, 40, 63, and 80 kgmol-1 with a 

dispersity (Ð) of 1.4, 1.7, 1.7 and 1.6, respectively. Regioregularity, as measured by integration of 

the methylene region of the 1H NMR was >95% in all cases. 

 

C.2.2 Preparation of glass substrates. 

Glass slides were cut into 2.54 cm squares with a diamond-tipped scribe. The slides were 

then successively washed in Alconox solution (2 mg mL-1), deionized water, acetone, and 

isopropyl alcohol (IPA) in an ultrasonic bath for 10 min each and dried with compressed air. The 

glass slides were then plasma treated at ~30 W for 3 min at a pressure of 200 mTorr under ambient 
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air to remove any residual organic material and activate the surface. In the FOW method the glass 

slides were used after this step. For the FOE methods the glass slides were treated with ~100 µL 

of Tridecafluoro-1,1,2,2-tetrahydrooctyl)-1-trichlorosilane (FOTS) and placed under house 

vacuum for 3 h to passivate the surface. The surface was then thoroughly rinsed with IPA to 

remove any excess FOTS. The finished surface had a water contact angle of 110°.  

 

C.2.3 Preparation of P3HT films. 

Solutions of P3HT were prepared at a concentration of 15 mg mL-1 in chloroform and 

allowed to stir overnight. After mixing the solutions were filtered with a 1 µm syringe filter prior 

to spin coating. The films were spun onto the substrates at a speed of 500 rpm (250 rpm s-1 ramp) 

for 120 s followed by 30 s at a speed of 2000 rpm (1000 rpm s-1 ramp). After spinning the films 

were allowed to dry in air for 20 min and then annealed on a hotplate for 10 min at 110 °C. For 

the FOE buckling measurements two additional P3HT films were spun at speeds of 1000 rpm (500 

rpm s-1 ramp) and 1500 rpm (750 rpm s-1 ramp). 

 

C.3 Film on elastomer (FOE) methods  

C.3.1 Mechanical buckling. 

Poly(dimethylsiloxane) (PDMS) was chosen as the elastomer for all FOE based 

experiments. The PDMS was mixed at a base to crosslinker ratio of 10:1 and allowed to cure at 

room temperature for 48 h before use in any experiment. After curing the PDMS was cut into 

rectangular strips (l = 10 cm, w = 1 cm, h = 0.3 cm) for use in the FOE experiments. For 

mechanical buckling the PDMS was prestrained to 2-4% on a linear actuator and fixed to glass 

slides. Thin films of P3HT at three different thicknesses were transferred to PDMS substrates and 
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the pre-strain was released which caused the film to form buckles on the surface. The buckles were 

analyzed under a Leica DM2700M microscope in various parts of the film and divided by the 

length of the image to give lb. The thickness of the films, df, was measured using a Veeco Dektak 

stylus profilometer. The elastic modulus of the PDMS, Es, was measured using an Instron pull 

tester. The Poisson’s ratio of the PDMS substrate, Vs, and the P3HT thin films, Vf, were estimated 

to be 0.5 and 0.35, respectively. When the Poisson’s ratio is estimated at these values mechanical 

buckling produces moduli that agree well with other methods. The resulting values were then used 

in Equation 1 to obtain the elastic modulus of each P3HT thin film. This process has been reported 

in detail elsewhere.2 

𝐸$ = 3𝐸' (
1 − 𝜐$,

1 − 𝜐',
- .

𝜆0
2𝜋𝑑$

4
5

					 (𝟏) 

 

C.3.2 Yield point (onset of buckling). 

P3HT was transferred to precut strips of PDMS and imaged under a microscope to ensure 

a clean transfer prior to conducting the test. To determine the yield point the films were strained 

and relaxed in increments of 1% (i.e., 0%→1%→0%→2%→0%→3%→0%, etc.) until the onset 

of wrinkles could be observed in the microscope. After the onset of buckles the image and the 

strain was recorded. A more detailed explanation of this process has been reported elsewhere.3 

 

C.3.3 Crack onset. 

Crack onset measurements were performed by transferring thin films of P3HT to 

unstrained strips of PDMS. The PDMS strips were strained on a linear actuator in increments of 

1% and observed under a microscope until the formation of cracks or pinholes appeared. The crack 
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onset was labelled as the first appearance of cracks in brittle samples and the appearance of new 

pinholes or the enlargement of existing pinholes in ductile samples. 

 

C.4 Film on water (FOW) method 

To perform the tensile testing of P3HT thin films, the P3HTs were spin-coated onto 

PEDOT:PSS/glass substrates. The dog-bone-shaped tensile testing specimen was prepared using 

a femtosecond laser patterning technique. To afloat the specimen on the water surface, the 

PEDOT:PSS was used as a sacrificial layer. By dissolving the PEDOT:PSS layer at the water 

surface, the P3HT thin film was delaminated from the glass substrate and subsequently the film 

was afloat on the water surface. For the specimen manipulation on the water surface, PDMS-coated 

Al grips were attached to the specimen gripping areas using van der Waals adhesion. The tensile 

test was performed by applying tensile strain using a linear stage. During the tensile test, stress 

and strain data are obtained by a load cell and a DIC camera, respectively. A detailed description 

of these methods has been previously reported.4 

 

C.5 Computational methods 

All molecular dynamics simulations were performed using the open-sourced LAMMPS 

software.5 All visualization was performed using OVITO.6 A detailed description of the coarse-

grained model employed can be found elsewhere.7,8 A detailed description of the simulation 

protocols employed can be found elsewhere.9 For the low molecular weight simulations (50 units) 

a total of 400 chains were used. For the high molecular weight simulations (300 units) a total of 

600 chains were used. Higher molecular weight simulations require more chains to ensure that 

they do not wrap in and out of the periodic boundary conditions and produce unphysical results. 
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D.1 AFM images and UV-vis absorption spectra 

During scratch tests, there may be local ordering within the scratch channel due to shear-

induced ordering of the polymer chains that give rise to changes in the optical behavior of the films 

during cohesive failure. To further investigate this effect we performed AFM measurements within 

the scratch channel for P3HT (63 kDa). It is difficult to clearly identify any ordering of the polymer 

chains. However, it is possible to see features in the bottom of the channel running parallel to the 

scratch direction (reminiscent of crazing) and pileup (raised zones) along the edges. These features 

would be consistent with plastic deformation and shear-induced failure of the polymers.

 

Figure D.1. Surface morphology of the scratch channel for P3HT (63 kDa). The arrow indicates the 
direction of the scratch. 

 

The absorption of P3ATs is strongly affected by changes in the side chain length and the 

molecular weight. To quantify these changes we performed UV-vis absorption measurements as a 

function of n for P3ATs and molecular weight for P3HT. The results are shown in Figure D.2. 

Furthermore, we quantified the aggregation behavior of the films using the weakly interacting H-

aggregate model and summarized the results in Table D.1. Overall, the conjugation length (W-1) 

(the inverse of the exciton bandwidth, W) decreased from P3HT (8.333) to P3HpT (5.587) and 

increased slightly for P3DT (5.814 ). The conjugation length increased with molecular weight of 
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P3HT from Mn = 15 kDa (7.143) to Mn = 80 kDa (10.000). The fraction of aggregates initially 

decreased from 0.593 to 0.554 as the molecular weight of P3HT increased from Mn = 15 kDa to 

Mn = 63 kDa, respectively, then increased for Mn = 80 kDa (0.578). The fraction of aggregates is 

similar for  n = 6 (0.564) and n = 7 (0.566) and decreased for n = 10 (0.510). 

 

Figure D.2. Absorption of P3AT thin films cast from CHCl3. a) As a function of the length of the side 
chain. b) As a function of molecular weight for P3HT, reproduced from ref 1. 
 

Table D.1. Summary of the weakly interacting H-aggregate model parameters extracted from UV-vis 
absorption spectra. The values for Mn were reproduced from ref 1. 
 

Weakly Interacting H-Aggregate Model Parameters 
Mn (kDa) W (eV) 1/W (eV-1) Fraction of Aggregates 

15 0.14 7.143 0.593 
40 0.12 8.333 0.564 
63 0.12 8.333 0.554 
80 0.10 10.000 0.578 
n W (eV) 1/W (eV-1) Fraction of Aggregates 
6 0.12 8.333 0.564 
7 0.18 5.587 0.566 
10 0.17 5.814 0.510 
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D.2 Experimental methods 

D.2.1 Sample preparation. 

Regioregular P3HpT (Mn = 35 kg mol-1, dispersity (Đ) = 2.2), and P3DT (Mn = 39 kg mol-

1, Đ = 2.1) were purchased from Rieke Metals, LLC. P3HT was synthesized using the GRIM 

method, with regioregularity > 95% in all cases. Values of the Mn of P3HT were 15, 40, 63, and 

80 kg mol-1 with dispersities of 1.4, 1.7, 1.7 and 1.6, respectively. All solutions were prepared in 

concentrations of 15 mg mL-1 in chloroform and stirred overnight. Prior to spin coating, the 

solutions were filtered with a 1 µm PTFE syringe filter. The films were spun onto clean silicon 

wafers (1 cm × 1 cm) with a ³ 200 nm thermal oxide layer at a speed of 500 rpm (250 rpm s-1 

ramp) for 120 s followed by 30 s at a speed of 2000 rpm (1000 rpm s-1 ramp). After spinning, the 

films were dried in air for 20 min and then annealed on a hotplate for 10 min at 110 °C. Scratch 

tests were performed at a rate of 1 mm min-1 using an Anton Paar Nano Scratch Tester (NSTX). 

The initial load was 0.05 mN and increased linearly at a rate of 3.9 mN min-1 until a final load of 

2 mN was reached. The rate of acquisition was 30 Hz and the spherical diamond stylus had a radius 

of curvature of 10 µm. 

 

D.2.2 Computational methods. 

 Molecular dynamics simulations were performed using a previously described three-site 

coarse-grained model,2 and simulation protocol for imitating solvent-casting.3 Briefly, a periodic 

simulation box was populated with polymer chains in a low-density state and high temperature 

Langevin dynamics (550 K, friction factor = (180 fs)–1) were run under constant pressure 

conditions (1 atm)—with a gradually increasing interaction parameter, initially reduced to 10% of 

its melt-phase value—until the simulation converged to a constant density melt, allowing ~100 ns 
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for equilibration. The simulation was then quenched into a glassy state (300 K) over the course of 

10 ns. Three different simulations were prepared to model the effect of molecular weight, with 

chain lengths of (50, 150, 300) and corresponding total number of chains: (300, 300, 600). The 

highest molecular weight polymers contained more chains to keep the size of the simulation box 

much larger than the radius of gyration of the chains. Simulated 40 nm thin films were prepared 

by unwrapping the coordinates of the high molecular weight system, and then re-melting (550K) 

and quenching over the course of 20 ns to relax the structure of the surface. The primitive path and 

entanglements were computed using the Z1 code.4 Simulations and visualizations were performed 

with LAMMPS5 and OVITO,6 respectively.  
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