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ABSTRACT OF THE DISSERTATION 

 

Understanding the Role of Atomic and Nanoscale  

Structure in Fast-Charging Electrode Materials 

 

by 

 

Daniel Davies Robertson 

Doctor of Philosophy in Chemistry 

University of California, Los Angeles, 2023 

Professor Sarah H. Tolbert, Chair 

 

 

 Electrochemical energy storage devices with both high energy density and high power 

density are technologically necessary for the electrification of transportation and many other 

applications. This dissertation focuses on the development of fast-charging Li-ion batteries 

through a fundamental understanding of structural parameters that allow for fast and reversible 

redox reactions in electrode materials. Using solution-based routes, the atomic and nanoscale 

structure of electrode materials was controlled and connected to their electrochemical 

characteristics, including specific capacity, rate capability, and cycling longevity. Additionally, 

advanced in operando characterization techniques were employed to probe how materials' 

structure and properties evolve during cycling. Overall, these findings provide guiding principles 

for the design of fast-charging electrode materials going forward. 
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 The first two sections focus on size-dependent phase transition behavior in MoO2, a model 

tunnel structure anode (Chapters 2 and 3). Chapter 2 shows how the large first-order phase 

transition in bulk MoO2 becomes systematically suppressed in a series of size controlled 

nanoarchitectures. The phase transition remains first-order, but shrinks dramatically, in 

intermediate-sized nanoporous MoO2 and becomes entirely continuous solid-solution in smaller 

MoO2 nanocrystals. Accordingly, the signatures of slowed charge storage from the bulk phase 

transition disappear in the nanomaterials. In chapter 3, we employ this suite of materials to show 

that this change phase transition behavior is key to the development of pseudocapacitive properties 

in nanoscale MoO2 using electrochemical impedance spectroscopy. Chapters 4 and 5 characterize 

the charge storage properties of V9Mo6O40, which transforms into a disordered rock salt structure 

during cycling. In chapter 4, the crystal structure of V9Mo6O40 is shown to govern its 

transformation pathway and resulting morphology compared to a well-studied analog, V2O5, while 

chapter 5 highlights the role of optimized Li
+
 diffusion distances to realize fast-charging using 

nanoporous V9Mo6O40.  Chapter 6 details the use of a newly developed technique to measure the 

insulating to conductive transition in two high rate anode materials, T-Nb2O5 and Nb18W16O93. 

The rate of the increase in conductivity is shown to explain the difference in performance. Finally, 

Chapter 7 focuses on synthesis and characterization of (W0.2V0.8)3O7, a unique V-based Wadsley-

Roth shear structure that shows high rate capability. 
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CHAPTER 1 

Introduction 

 Electrochemical energy storage devices with both high energy density and high power 

density are technologically necessary for the electrification of transportation and many other 

applications.
1-4

 Insertion-based Li-ion batteries, which rely on redox reactions in which Li
+
 is 

reversibly inserted into a host material, are the current standard for high capacity fast-charging 

devices.
3
 With decades of research, these electrodes have shown dramatic improvements in 

performance, but still possess limits on their achievable capacities at high rates, especially in thick 

electrodes used for commercial cells.
5
 At high cycling rates, the solid-state diffusion of Li

+
, the 

transport of electrons, and the need for phase transformations during (de)lithiation can all slow 

charge storage.
6-9

 These challenges can be mitigated through control over material structure. 

Nanoscale architecture can provide short distances for diffusion of Li
+
 in the electrode and alter 

the mechanisms for phase transformations during cycling.
10-15

 In combination, strategic design of 

atomic-scale crystal structure can provide faster Li
+
 diffusion and electron transport throughout 

the host material.
16-18

 Further improvements in power density beyond the current state-of-the-art 

Li-ion batteries will require a fundamental understanding of these parameters, which is the goal of 

this dissertation. 

 Chapters 2 and 3 focus on size-dependent phase transition behavior in MoO2, a model 

tunnel structure insertion host. MoO2 has shown promise as a potential anode material since the 

1970s, but has recently received greater interest due to its significantly improved performance 

when nanostructured.
19,20

 We demonstrate clearly that size-induced suppression of the first-order 

phase transition is essential to the fast-charging capabilities of nanoscale MoO2 (Chapter 2). Using 

operando X-ray diffraction on a series of size-controlled nanomaterials, we show that the large 
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first-order phase transformation in bulk MoO2 shrinks dramatically, but remains first-order, in 

intermediately sized nanoporous MoO2, and then becomes entirely single-phase (solid-solution) in 

smaller MoO2 nanocrystals. With a series of electrochemical kinetic analyses, we identify specific 

signatures of slowed charge storage that arise due to the phase transformation in bulk MoO2, and 

demonstrate their systematic attenuation as a function of size in the nanomaterials. For example, 

using galvanostatic intermittent titration technique (GITT), we show that the large overpotentials 

that occurs at the onset of the phase transformation in bulk MoO2 decrease by an order of 

magnitude in the medium sized nanoporous materials, which have partly suppressed transitions, 

and then drop by another order of magnitude in the nanocrystals with fully suppressed transitions.  

 Using our size-controlled MoO2, we also analyzed how phase transition behavior governs 

the emergence of pseudocapacitive properties. We conducted a series of analyses with 

electrochemical impedance spectroscopy (EIS) to distinguish the charge storage mechanism and 

connect it to our previous characterization of phase transition behavior during cycling. Notably, 

EIS was used to measure capacitance as a function of voltage, which was compared to the capacity, 

which includes both capacitive and diffusion-limited components of charge storage. the initial 

portion of lithiation, where all sizes of MoO2 show solid-solution type behavior, the capacitance 

measured for nanoporous MoO2 and MoO2 nanocrystals were similar, but bulk MoO2 showed 

about half the capacitance, despite having the same capacity at that voltage.  During the phase 

transition region, the difference was even more dramatic, with the nanocrystals showing the 

highest peak capacitance at 800 F/g, even though they have the lowest capacity in this region. In 

contrast, bulk MoO2 showed less than one fourth the capacitance of 150 F/g even though it has by 

far the highest capacity at this potential. The results of this analysis indicated that the combination 

of long Li
+
 diffusion distances and the large first-order phase transition in bulk MoO2 lead to its 
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diffusion-controlled charge storage mechanism. Importantly, the faster Li
+
 diffusion and 

suppression of the phase transition in the nanoscale materials were key to realizing 

pseudocapacitive properties in MoO2. Overall, these works emphasize the key role of structural 

dynamics on rate capability and charge storage mechanisms, and highlight how those phase 

transition dynamics can be effectively controlled using nanoscale size in Li-ion electrode materials. 

 Chapters 4 and 5 focus on V9Mo6O40 (VMO), which is one of an emerging class of 

materials that transform into disordered rock salt (DRS) compounds upon electrochemical 

lithiation. These electrochemically-formed DRS materials have recently gained greater interest 

due to their impressive rate capability, but the specific factors that govern the formation process 

and the resulting charge storage performance remain poorly understood.
21-23

 In chapter 4, we 

characterize the transformation mechanism and charge storage properties of electrochemically 

formed DRS VMO in micron-scale particles. The crystal structure of VMO has similar motifs to 

that of ⍺-V2O5, a well-studied analog, but VMO has less mechanical flexibility due to additional 

corner-sharing octahedra in its structure. As a result, VMO undergoes a single-step transformation 

pathway, which we characterize through operando X-ray diffraction, and forms an unusual highly 

distorted lamellar microstructure, as we show with high-resolution transmission electron 

microscopy. The resulting material shows electrochemical characteristics and performance typical 

of many nanomaterials, even with relatively large particles. Then, in chapter 5, we synthesize 

nanoporous VMO to show how optimized Li
+
 diffusion distances can improve the rate capability 

of VMO even further. Nanoporous VMO undergoes a similar, but more facile, transformation 

process, and the resulting microstructure does not show the same distortions as it did for the bulk. 

Additionally, we characterize the faster charge storage behavior with electrochemical kinetics 

analysis that highlight lower polarization in nanoporous VMO relative to the bulk material.    
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 Chapter 6 describes the development of a platform for in situ contact measurements of 

electronic conductivity of the bronze phase electrode materials T-Nb2O5 and Nb18W16O93 (NWO).  

Like many other high-rate anode materials, T-Nb2O5 and NWO are insulating as synthesized, but 

become conductive when lithiated.
12,16,17

 However, the quantification of electronic conductivity 

during lithiation remains a major challenge, since most measurement geometries are incompatible 

with electrochemical cycling.
24 , 25

 Here, we developed a method for quantitative in situ 

measurement electronic conductivity by depositing interdigitated microelectrodes onto thin films 

of active material. Using this method, we characterize the insulating to conductive transition in T-

Nb2O5 and NWO. Both materials exhibit dramatic changes of at least four orders of magnitude 

change in conductivity with lithiation, but NWO's change occurs much more quickly in the early 

stages of lithiation. We support these contact measurements with magnetic characterization that 

shows significantly more delocalization of electrons in NWO at low Li content. These differences 

in the transition explain NWO's improved electrochemical performance compared to T-Nb2O5. 

 Chapter 7 focuses on the Wadsley-Roth (WR) shear phase (W0.2V0.8)3O7 (WVO). WR shear 

materials have recently shown high rate capability, even in micron-scale particles, but most are 

based primarily on Nb as the redox-active transition metal.
26

 For the first time, we demonstrated 

high rate, high capacity charge storage using a V-based WR structure, and investigated the 

mechanism for Li
+
 storage using a combination of electrochemical techniques, X-ray 

measurements, and density functional theory calculations. Strong rate capability was observed for 

both the bulk material produced through a solid-state route and 100 nm nanorods synthesized with 

a solution-based process. This work extends the range of high-performing WR materials to those 

without Nb and opens up the possibility for compositional tuning within the family. 
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CHAPTER 2 

Size-Dependent Suppression of Phase Transitions Leads to Fast-Charging in Nanoscale 

LixMoO2 

2.1 Introduction 

 Electrochemical energy storage devices with both high energy density and high power 

density are technologically necessary for the electrification of transportation and many other 

applications.
1,2

 Despite the continued development of next-generation energy storage technologies, 

insertion-based Li-ion batteries remain the standard for high capacity fast-charging devices.
3
 

These electrodes store energy through charge-transfer reactions in which Li
+
 is reversibly inserted 

into a host material. Over decades of research, these electrodes have shown dramatic 

improvements in both energy and power density, but still possess limits on their achievable 

capacities at high rates, especially in thick electrodes used for commercial cells.
4-6

 To improve 

power density, a fundamental understanding of the key parameters that allow for fast and reversible 

redox reactions in electrode materials is necessary.
7,8 

 At high cycling rates, the solid-state diffusion of Li
+
, the transport of electrons, and the 

need for phase transformations during (de)lithiation can all slow charge storage and limit the 

attainable capacity in insertion electrodes.
9 -13

 A common approach to decrease these kinetic 

limitations in electrode materials is to use nanostructured architectures of the active material 

instead of dense micron-scale particles.
14 - 24

 By shortening the solid-state diffusion distances 

required for Li
+
, nanostructuring can significantly increase the capacity at high cycling rates. More 

recent work has also emphasized that the smaller crystal domain sizes in nanostructured materials 

alter phase transformations induced by Li
+
 insertion, as an important component of their faster rate 

capability.
 53-36

 In most bulk battery materials, lithiation requires one or more first-order phase 
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transitions, where the crystal structure transforms through nucleation and growth of a new phase.
37-

40
 While energetically favorable, these phase transitions are widely considered to slow lithiation 

kinetics, since they often require large activation energies and limit lithiation until they are 

complete. As such, the full or partial suppression of phase transitions in nanoscale battery materials 

has been broadly linked to the emergence of fast-charging
53-28

 and the progression from a 

diffusion-limited to a pseudocapacitive charge storage mechanism.
4,7,29-36 

Despite major interest in 

fast-charging and pseudocapacitive electrodes and the wide variety of materials where these effects 

has been observed, however, the current understanding of how suppression occurs in most 

materials remains largely anecdotal. Overall, a coherent picture of size effects in battery materials 

requires a better understanding of phase transformation behavior and its relationship to kinetics.
 

Here, we provide new insight into the size-dependent suppression of phase transitions in 

MoO2, a model phase-transforming insertion electrode material. MoO2 has a rutile-type tunnel 

structure that has seen interest as an insertion electrode since the 1970s.
41–43

 Its crystal structure 

comprises chains of edge-sharing Mo-O octahedra arranged in alternating orientations. Between 

these chains are tunnels of interstitial sites for Li
+
 diffusion and storage, while overlap of partially 

filled d orbitals between neighboring Mo atoms along the chains provides metallic electrical 

conductivity.
42

 Despite these advantages, micron-scale MoO2 shows rather slow (de)insertion 

kinetics, due to its need for a first-order phase transition during Li
+
 insertion and its considerable 

13% increase in unit cell volume at full lithiation.
43,44

 More recently, nanostructured architectures 

of MoO2 have shown much higher rate capability,
31,45-48  

 with limited ex situ evidence for changes 

in their phase transition mechanism during lithiation.
 
 

 In this work, we use operando synchrotron X-ray diffraction (SXRD) to conclusively 

show that nanoscale MoO2 undergoes a dramatically different structural response to Li
+
 insertion 
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than bulk MoO2, and analyze the stepwise progression of this behavior in a series of size-controlled 

nanoarchitectures. First, we characterize the large first-order phase transition in micron-scale bulk 

MoO2, and use electrochemical kinetics techniques to highlight that severe electrode polarization 

directly arises from the onset of this phase transition. Then, we show that in nanoporous MoO2 

with intermediate crystal sizes, the same phase transformation remains first-order, but shows a 

decrease in both the miscibility gap between the two phases and the duration of their coexistence. 

Interestingly, this partial suppression of the phase transition decreases kinetic limitations 

considerably. In even smaller 15 – 20 nm MoO2 nanocrystals, we observe a complete change in 

the phase transformation mechanism to a second-order-type solid-solution event, in which the 

material remains a single phase with no discontinuous changes in symmetry throughout lithiation. 

This change in behavior is accompanied by a near-complete disappearance of the polarization 

linked to the phase transition. Finally, we highlight the significantly improved cycle lifetime in all 

of the nanoscale MoO2 materials compared to the bulk, which confirms that repeated discontinuous 

volume changes from phase transitions are a major source of electrode degradation. Overall, this 

work affirms the negative effects of large first-order phase transitions on cycling performance, but 

also emphasizes that complete first-order transition suppression is not required to observe 

improved kinetics in nanoscale materials. 

2.2 Materials and Methods 

2.2.1 Materials.  

 The following materials were obtained from commercial suppliers and used without further 

purification: ammonium molybdate (para) tetrahydrate (NH4)6Mo7O24•4H2O (99%, Alfa Aesar), 

ammonium persulfate (98%, Alfa Aesar), ammonium lauryl sulfate (~30% in H2O, Sigma Aldrich), 
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molybdenum (V) chloride (99.6%, Alfa Aesar), methyl methacrylate (contains ≤ 30 ppm MEHQ 

as inhibitor, 99%, Sigma Aldrich).  

2.2.2 Preparation of bulk and nanoporous MoO2.  

 The bulk and nanoporous MoO2 samples were synthesized through a modified sol-gel route 

using freeze-drying. In this process, an aqueous solution of dissolved Mo precursor is frozen in 

liquid N2 and dried under vacuum, then subsequently calcined to crystallize the material. To 

produce the nanoporous MoO2 materials, polymer colloids of various sizes were mixed with the 

Mo precursor in the initial solution in order to template the nanoscale architecture.  

In a typical synthesis of bulk MoO2, 200 mg of (NH4)6Mo7O24•4H2O was added to 3 mL 

of water, then heated at 60ºC until it was fully dissolved. The resulting solution was frozen by 

dropwise addition into liquid N2 and lyophilized on a Schlenk line for 12 to 24 hours (<200 mtorr). 

The dried Mo precursor powder was then calcined in a quartz boat at for 1 hour at 625ºC in flowing 

5%H2/95%N2 (1 hour heating ramp time and natural cooling rate). For the nanoporous MoO2 

samples, a similar procedure was followed with slight modifications. In a typical synthesis, 200 

mg of (NH4)6Mo7O24•4H2O was added to 2 mL of water, then heated at 60ºC until it was fully 

dissolved. Then, 2 – 4 mL of polymer colloid solution were added (depending on the density of 

colloids in solution) to obtain a 1:1 mass ratio of Mo precursor:colloid. The synthesis of the PMMA 

colloids with different sizes is described below. After the Mo precursor-polymer colloid solution 

was mixed thoroughly, it was frozen by dropwise addition to liquid N2 and lyophilized on a 

Schlenk line for 12 to 24 hours (< 200 mtorr). The dried Mo precursor-polymer composite powder 

was calcined in a quartz boat in flowing Ar in two separate heating steps, with the powder cooled, 

removed from the furnace and exposed to air in between: first, at 550ºC for 1 hour, and then at 

675ºC for 1 hour (1 hour heating ramp time for each step and natural cooling rate).  This two-
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heating-step process was employed to separate removal of the polymer templates from 

crystallization of the MoO2 material. Since calcination occurs under anaerobic conditions, the 

polymer templates do not combust fully and, with a single step process, Mo carbides form at the 

temperatures needed to crystallize the nanoporous MoO2. After the second calcination, nanoporous 

MoO2 samples were stored in inert atmosphere to avoid ambient oxidation. 

2.2.3 Synthesis of poly(methyl methacrylate)(PMMA)  colloids.  

 The synthesis of PMMA colloids with different sizes was adapted from a previous 

procedure described by Wang et al.
58

 Ammonium persulfate (APS) was used as the initiator and 

ammonium lauryl sulfate (ALS) as the surfactant. APS, ALS, and deionized water were put into a 

three-neck round-bottom flask (250 mL) equipped with a magnetic stirrer, a reflux condenser, and a 

thermometer. After the temperature was raised to 75 °C, the monomer methyl methacrylate (MMA) 

was added. After monomer addition, the reaction temperature was kept at 80–85 °C for an hour 

before a cooling operation was applied. The concentrations of reagents were varied to make different 

sizes of PMMA. The as-synthesized PMMA colloidal aqueous solutions were extracted with 

hexanes to remove excess monomer. Before use, the mass density of colloids in solution was 

measured by thermogravimetric analysis. Table S1 gives detailed synthesis conditions. 

2.2.4 Synthesis of MoO2 nanocrystals.  

 MoO2 nanocrystals were synthesized in a hydrothermal autoclave according to previously 

reported method with minor adaptations. In a typical synthesis, 270 mg of MoCl5, 15 mL water, and 

5 mL ethanol were added to a 50 mL Teflon-lined Parr autoclave. The autoclave was sealed and 

heated for 6 hours at 180ºC, then allowed to cool overnight. The product was centrifuged washed 

with ethanol three times. After the final wash, the powder was dried at 80ºC under vacuum. The as-

synthesized nanocrystals were stored under inert atmosphere to avoid ambient oxidation.  
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2.2.5 Structural characterization.  

 Scanning electron microscopy (SEM) images were obtained using a model JEOL JSM-

6700F field emission electron microscope with 5 kV accelerating voltage and 6 mm working 

distance. Transmission electron microscopy (TEM) was performed using an FEI Titan S/TEM 

operating at 300 kV. Sample purity was assessed using laboratory X-ray diffraction collected with 

a PANalytical X’Pert Pro diffractometer operating with Cu Kα (λ = 1.5418 Å) using a 0.05° step 

size, an accelerating voltage of 45 kV, and a current of 40 mA. High resolution X-ray diffraction 

patterns of pristine materials were taken at Stanford Synchrotron Radiation Lightsource Beamline 

11-3 with 12.7 keV energy.  

2.2.6 Electrochemical testing.  

 All MoO2 powders were assembled into composite slurry electrodes for electrochemical 

testing. Electrodes had an overall composition of 70% active material, 10% multiwalled carbon 

nanotubes, 10% vapor-grown carbon fibers, and 10% polyvinylidene fluoride (PVDF) binder.  

Prior to slurry preparation, the dry slurry components and current collector were heated at 100ºC 

under vacuum overnight. The active material was ground with the carbons in a mortar and pestle 

dry, then a PVDF binder solution (2.5 % wt in N-methyl pyrrolidone) was added and mixed to 

produce a homogeneous paste that was cast onto an aluminum current collector with a doctor blade. 

The electrodes were dried under vacuum at 100ºC overnight. Electrodes with 0.7 mm diameter 

were punched out for electrochemical testing with mass loadings of active material of 1 – 1.5 

mg/cm
2
. These moderate mass loadings were chosen to study the intrinsic performance of the 

active material, as they allow for reproducible electrode performance with minimal optimization 

of the slurry. High mass loadings, such as those used in most practical devices, lead to rate 
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limitations from electrode composition and distribution of active material that require extensive 

optimization to overcome. 

 All electrochemical measurements were conducted in stainless-steel 2032 coin cells (MTI) 

with a stainless-steel conical spring, two 0.5-mm stainless-steel spacers, a glass microfiber 

separator (Whatman), and a polished Li metal electrode (Sigma). The electrolyte was 1 M LiPF6 

in 1:1 ethylene carbonate (EC): dimethyl carbonate (DMC), with ~50 uL of electrolyte used per 

cell. All cycling experiments were performed between 1.1 V and 3 V vs. Li/Li
+
 on a VMP3 

potentiostat/galvanostat (Bio-Logic). While the potential window used here for MoO2 makes it 

generally more suitable for use as an anode, for testing purposes MoO2 electrodes were studied in 

a half cell configuration versus a Li metal anode. When calculating C-rates, the theoretical capacity 

used was 210 mAh/g, based on the 1 e
-
 Li

+
 insertion reaction into MoO2 (1C = 210 mA/g, 5C = 

1.05 A/g, etc.). Galvanostatic intermittent titration technique analysis was performed with a series 

of current pulses, with each pulse consisting of applied current corresponding to a C/10 rate for 10 

minutes, followed by 2 hours of relaxation under open circuit conditions.  

2.2.7 Operando Synchrotron X-ray Diffraction - Bulk MoO2 with AMPIX Cell 

 As discussed in the main text, two formats were used for operando SXRD experiments. 

The first, which involved AMPIX cells with pellet electrodes, was used for detailed structural 

characterization of bulk MoO2 (Figure 3), since the high mass loading, lack of current collector, 

and high X-ray flux provides exceptional signal-to-noise ratio. These operando powder diffraction 

measurements were performed at beamline 11-ID-C at the APS at Argonne National Laboratory 

at 17.0 keV in transmission geometry with an area detector. For the experiment, freestanding pellet 

electrodes were made with 6:1:1:2 mass ratio of MoO2: vapor-grown carbon fibers: multiwalled 

carbon nanotubes: PTFE binder. These electrodes were loaded into AMPIX cells in an argon 
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glovebox with lithium metal counter electrodes, glass fiber separators, and electrolyte (1M LiPF6 

in 1:1 EC:DMC). 

2.2.8 Operando Synchrotron X-ray Diffraction - Modified Coin Cells with Be Spacers 

 The second format for operando SXRD is more similar to standard coin cell environment 

using standard slurry electrodes in modified coin cells with Be spacers, and was used to collect 

data on all the MoO2 materials in a realistic cycling configuration (Figure 4). These experiments 

were conducted in a similar format, but at beamline 11-3 at the Stanford Synchrotron Radiation 

Lightsource at 12.7 keV. The design for the modified coin cells with Be spacers was adapted from 

Chien et al.
74

 and is shown in Figure S6. While conventional modified coin cells use stainless steel 

spacers with holes to provide X-ray transparency, experiments done with these cells are susceptible 

to artifacts due to the lack of stack pressure and electrical conductivity in the region probed by the 

X-ray beam.
75

 Our improved cell design uses Be spacers, which do not have holes, and thus remain 

both rigid and conductive to accurately recreate the cycling environment in a real coin cell. 

Beryllium metal discs 15 mm in diameter x 0.5 mm thick were purchased from American Elements 

(99%). Caution: Beryllium oxide particulates formed from machining or breaking beryllium are 

carcinogenic and the material should be handled with caution.  

2.2.9 Operando Synchrotron X-ray Diffraction - Data Processing 

 All two-dimensional SXRD data was calibrated with a LaB6 external standard and 

integrated into one-dimensional diffraction patterns using GSAS-II.
59

 Background subtraction was 

performed on diffraction data to remove scattering from the electrolyte (Figure S8). Rietveld 

refinement of the unit cell parameters was also conducted in GSAS-II. Crystal structures were 

visualized with the VESTA software package.
60

 

2.3 Results and Discussion 
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2.3.1 Synthesis and characterization of size-controlled MoO2 

 A series of size-controlled MoO2 nanomaterials were synthesized by adapting previously 

reported methods and characterized with electron microscopy and X-ray diffraction (XRD) 

(Figure 1A – I, S2 – S4).
31,47

 Nanoporous MoO2 powders were produced using a modified 

polymer-templated sol-gel-type method based on freeze drying. In this process, aqueous solutions 

of (NH4)6Mo7O24 mixed with poly(methyl methacrylate) (PMMA) colloids were vitrified in liquid 

N2 and freeze dried through sublimation on a Schlenk line. The resulting organic-inorganic 

composite precursors were then calcined under inert atmosphere to burn off the polymer templates 

and crystallize MoO2 powders with a nanoporous morphology. Freeze-drying is a well-established 

route to powders with high surface area and porosity, and, here, helps to maintain the mixing and 

distribution of colloids during drying.
61—64

 With this method, the porosity and wall thickness of 

the powders can be varied by changing the size of the pre-synthesized PMMA colloids (Figure 

S1).
47

 Scanning electron microscopy (SEM) images for two representative sizes (template size = 

60 nm and 150 – 200 nm) show well-defined internal porosity distributed throughout the material 

(Figure 1B, 1C). The synthetic method produces pores that are not ordered, but that still largely 

retain the size and shape of the templates used. Low magnification transmission electron 

microscopy (TEM) characterization on the nanoporous MoO2 indicates that, while the porosity is 

nanoscale, the powders form interconnected micron-scale primary particles (Figure S3A, S3D). 

High-resolution TEM micrographs highlight individual crystalline domains in the material (Figure 

1F, 1G). In the higher magnification image (Figure 1G), multiple crystallites approximately 8 – 

12 nm in diameter with various orientations are shown to form the wall between two individual 

pores.  In the lower magnification image (Figure 1F), these domains can be seen to produce a 

polycrystalline network throughout the interconnected particle, as shown by the different contrast 
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between neighboring domains. In all, these nanoporous powders consist of nanoscale crystallites 

that are fused together into micron-scale primary particles with a porous morphology. Additional 

 

Figure 1. Structural characterization of the MoO2 materials used in this study. 1A) Low 

magnification TEM / (1B-1D) SEM and 1E) – 1H) high resolution TEM images of MoO2 

nanocrystals, small and large nanoporous MoO2, and bulk MoO2, respectively. The nanocrystals 

show single-domain nanoscale primary particles (1E) that aggregate into larger secondary particles 

(1A), whereas the small and large nanoporous MoO2 consist of micron-scale primary particles 

with nanoscale features (1B,1C). The pore walls consist of many fused nanoscale crystallites 

(1F,1G).  The micron scale bulk crystals are single domain (1D,1H). 1I) Synchrotron-based X-

ray diffraction of the MoO2 materials in composite slurry electrodes, with the most prominent 

(011) reflection of MoO2 highlighted in 1J), along with the calculated Scherrer size. 

 

The nanocrystals appear as  
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scanning and transmission electron microscopy characterization of both the small and large 

nanoporous MoO2 can be found in the supporting information (Figure S2, S3). 

 Because very small but still well-ordered MoO2 domains cannot be produced in 

nanoporous form, we also prepared hydrothermally-synthesized MoO2 nanocrystals, which were 

first reported in a previous study.
31

 SEM and low magnification TEM images of the MoO2 

nanocrystals show individual particles 15 – 30 nm in diameter (Figure 1A, S2E – S2G, S4). High-

resolution TEM shows that the nanocrystals are single-domain, with lattice planes that extend 

across each individual particle (Figure 1E, S4C). In powder form, the nanocrystals appear to 

aggregate into much larger agglomerates, which likely form during the process of drying them out 

of solution. However, unlike the nanoporous MoO2, in which crystallites are fused together at 

675ºC, the individual nanoparticles should only be loosely associated. Importantly, despite their 

nanoscale size and good crystallinity, nanocrystals often form non-ideal architectures in composite 

electrodes due to the difficulty of distributing them into highly porous, electrically interconnected 

networks.
50,31

 While these extrinsic limitations on their kinetics can be mitigated with appropriate 

electrode mixing and formulation techniques, the nanoporous materials offer similar, though 

slightly larger, sizes, but with the processing advantages of much larger primary particles.
52

  

Finally, as a control to represent typical behavior of MoO2 at large sizes, we synthesized 

bulk MoO2 through the same sol-gel-based freeze drying method as the nanoporous MoO2, except 

without any polymer template. The resulting bulk MoO2 consists of anisotropic particles 

approximately 0.5 – 10 µm in diameter, which appear to be single-domain (Figure 1D, 1H). To 

confirm the crystal structure and evaluate the crystallinity of the four different samples, 

synchrotron XRD was performed on pristine composite electrodes at beamline 11-3 at the Stanford 

Synchrotron Radiation Lightsource (SSRL). The resulting diffraction patterns confirm that all 
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samples are phase-pure crystalline MoO2, with the only additional peaks arising from cell 

components like the Al current collector (Figure 1J). The most prominent (011) reflection of the 

patterns shows a clear progression in peak width (Figure 1I), with calculated Scherrer sizes of 17 

nm, 29 nm, and 43 nm, for the MoO2 nanocrystals, small nanoporous, and large nanoporous 

samples, respectively.  

2.3.2 Electrochemistry of Size-Controlled MoO2 

To evaluate the effects of nanoscale size and morphology on electrochemical performance, 

the MoO2 materials were assembled into composite electrodes with conductive carbon and binder 

and tested in a half-cell configuration in coin cells. MoO2 is often studied for its high capacity 

conversion reaction, in which it is fully reduced to form Mo metal and Li2O.
65-72

  However, this 

reaction suffers from large volume changes and the formation of insulating Li2O, which hinder its 

reversibility and rate capability. Here, we limit the lower voltage bound to 1.1 V vs. Li/Li
+
 to 

access only the one electron insertion reaction, in which Li
+
 is reversibly inserted into vacant 

interstitial sites within the tunnels of MoO2 (Equation 1).  This reaction has a moderate theoretical 

capacity of 210 mAh/g and shows significantly improved cyclability and scalability compared to 

conversion.  

The rate capabilities of the MoO2 materials were evaluated with galvanostatic rate testing 

(Figure 2A). The nanoporous MoO2 and the MoO2 nanocrystals show nearly complete insertion 

reactions at slower rates, with capacities near theoretical at 1C. At higher rates, both nanoporous 

samples show excellent retention of this capacity, storing 128 and 130 mAh/g at 20C, for the small 

and large nanoporous MoO2, respectively, corresponding to 70% of their 1C capacity maintained 

at 20C. The MoO2 nanocrystals also exhibit excellent rate capabilities, with 130 mAh/g capacity 

at 20C (63% of their 1C capacity). Bulk MoO2, on the other hand, shows comparatively poor 

(1) MoO2 + x e-
 + x Li

+ ⇌	LixMoO2  (0 ≤ x ≤ 1)	
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cycling kinetics. Even at 1C, the 

bulk MoO2 electrode only inserts 

about 0.7 Li
+
 per unit cell, with a 

capacity of 145 mAh/g. At faster 

rates, this discrepancy widens, 

and by 20C, bulk MoO2 only 

stores 38 mAh/g. This low 

capacity is only ~26% of that at 

1C, indicating very slow 

lithiation kinetics. Overall, the 

clear differences in performance 

between the nanostructured and 

bulk MoO2 highlight the 

importance of nanoscale size for 

high rate capability in this 

material. One well-understood 

reason for this is the shorter solid-

state Li
+
 diffusion distances in the nanostructured MoO2, which facilitate fast Li

+
 transport 

throughout the active material. However, the structural response to Li
+
 insertion also plays an 

important role in the rate capability of the nanostructured samples, as we show later. 

In addition to the differences in galvanostatic rate performance, the MoO2 materials show 

distinct galvanostatic charge storage profiles, even at slow rates where the capacities are similar 

(Figure 2B). For bulk MoO2, almost no charge is stored above 1.8 V, followed by a sloping region 

 

Figure 2. Electrochemical characterization of MoO2 
materials. 2A) Galvanostatic rate cycling performance 

statistics show near full theoretical capacity for the insertion 

reaction at 1C, and strong retention of capacity at higher 

current densities, for all of the nanostructured MoO2. Bulk 

MoO2, however, shows low capacity at 1C and poor rate 

capability. 2B) Galvanostatic profiles and 2C,D) cyclic 

voltammograms for each MoO2 material at slow cycling rates 

highlight the intrinsic changes in redox. Peaks 1 and 3 diminish  

and broaden with decreasing crystal size. 
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between 1.8 and 1.6 V. A plateau region occurs at about 1.55 V, after which there is a brief sloping 

region until 1.35 V, where a second, more pronounced plateau occurs. Generally, plateau regions 

in a galvanostatic profile are attributed to first-order phase transitions, since the coexistence of two 

phases in a system implies a constant chemical potential, and equivalently a constant voltage, 

during the transition.
11,41,37

 In the nanoporous samples, the general shape of the profile is retained, 

but it becomes more sloped in all regions. Up to about 30 mAh/g capacity is stored in the high 

voltage region above 1.8 V, and the second plateau, while still present, is shorter and more sloped 

than in the bulk sample. The MoO2 nanocrystals demonstrate these changes to an even greater 

extent, with barely any plateau observed in the region around 1.35V and nearly 40 mAh/g capacity 

stored above 1.8 V.  

 These effects are also reflected in cyclic voltammetry (Figure 2C, 2D). The nanoporous 

samples show four identifiable peaks on lithiation, which are labeled according to their order of 

appearance. The two larger peaks (Peaks 2 and 4) occur at voltages that match the plateaus 

observed in the galvanostatic profile (1.55 V and 1.3 V).  For bulk MoO2, Peaks 1 and 2 match the 

nanoscale materials closely, but the third peak occurs at a lower potential than the analogous peak 

for the nanoporous samples due to kinetic limitations. For the same reason, there is no clear 

identifiable fourth peak for the bulk in the voltammogram. The considerable polarization of Peak 

3 for the bulk material, even at the slow sweep rate of 0.1 mV/s, corroborates the lower capacity 

and poor rate capabilities observed in the galvanostatic testing. Notably, the size of these peaks 

changes for each sample. For bulk MoO2, for example, Peak 3 has nearly twice the peak current 

than it does in the nanoporous samples, while for the MoO2 nanocrystals, the same voltage region 

does not even have a well-defined peak, but rather shows a broad distribution of current. This 

pronounced decrease in the size of peaks occurs for the first peak as well, but not for the second 
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or fourth peaks. These types of changes in the cyclic voltammetry and galvanostatic profiles due 

to nanostructuring have been observed frequently in the literature, and the lessening of peaks and 

plateaus is often attributed to the high fraction of disordered surface sites in nanoscale materials.
2,4

 

In this case, however, two of the peaks systematically diminish with decreased material size, 

whereas the other two peaks show no significant changes, suggesting that this common explanation 

is not uniformly correct. While Peak 1 may indeed broaden due to site disorder, we will show 

unambiguously that the effect for Peak 3 is due to changes in the mechanism for structural phase 

transitions upon Li
+
 insertion.  

2.3.3 The structural evolution of bulk MoO2 during cycling  

To characterize the evolution of structural change in bulk MoO2, we performed operando 

synchrotron-based X-ray diffraction (operando SXRD) at beamline 11-ID-C of the Advanced 

Photon Source (APS). In this experiment, the active material was assembled into pellet electrodes 

and cycled in AMPIX cells, which have rigid glassy carbon windows for uniform application of 

stack pressure during cycling.
73

 In this format, the large active mass of sample, lack of current 

collector, and high X-ray energy and flux provide exceptional signal-to-noise to  allow for detailed 

structural characterization. The cell was cycled at a C/5 rate while a series of X-ray diffraction 

patterns were taken. Figure 3A shows the operando SXRD on bulk MoO2 with the galvanostatic 

cycling profile and diffraction patterns from Q = 1.5 – 4.5 Å
-1

. The region around the intense (011) 

reflection is also expanded for clarity. Rietveld refinement of the diffraction data was performed 

to extract structural parameters as a function of state-of-charge (Figure 3B).  

At the beginning of the experiment, the diffraction pattern shows pristine MoO2, a rutile-

type tunnel structure with a monoclinic unit cell (space group Pnma) (Figure 3C). During lithiation, 

the unit cell expands along the b and c axes perpendicular to the chains of octahedra, while the a 
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Figure 3. The structural evolution of bulk MoO2 during cycling. 3A) Operando SXRD on bulk 

MoO2 during galvanostatic cycling at C/5, collected on a freestanding pellet electrode in an 

AMPIX cell at beamline 11-ID-C at the APS. The galvanostatic profile is shown (left) along with 

the diffraction data (right), with a magnified view of the most prominent (011) reflection (middle). 

3B) The evolution of the LixMoO2 crystal structure as determined by Rietveld refinement of the 

data in 3A), along with the galvanostatic profile and differential capacity analysis (dQ/dV). Peaks 

in the dQ/dV are assigned according to the convention established in Figure 2C,D). The structure 

begins as pristine MoO2 (3C) and undergoes expansion of the unit cell to LiMoO2 (3D), including 

two first-order phase transitions each (de)lithiation, which are highlighted in blue and yellow. 
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axis, parallel to the chains, contracts by a smaller amount. This structural evolution occurs 

continuously via a solid-solution type mechanism in the first part of Li
+
 insertion.  At about 1.4 V 

vs. Li/Li
+
 (x ≈ 0.5 in LixMoO2), a first-order phase transition occurs, in which the structure 

undergoes a discontinuous change in symmetry. The diffraction peaks corresponding to the 

existing phase diminish while peaks of a new phase grow in.  This process is most easily seen for 

the (011) reflection, but it occurs simultaneously across the entire manifold of peaks. This 

discontinuous symmetry change indicates a nucleation-and-growth type mechanism for the phase 

transition, which produces two-phase coexistence, as seen in the diffraction data by the 

simultaneous presence of peaks corresponding to both phases during the transformation.  

The new phase formed retains the monoclinic unit cell symmetry and space group with 

larger b and c axes and smaller a axis and β angle parameters, indicating further expansion of the 

material perpendicular to the tunnels and contraction along them. The overall change in volume 

during the transformation alone is about 3.4%, which, while relatively large, is only about a quarter 

of the total volume increase of 13% experienced at full lithiation. After the phase transition 

completes, solid-solution evolution of the structure continues until 1.15 V (x ≈ 0.75 in LixMoO2), 

at which point another first-order phase transition occurs partially, but does not complete in the 

data presented here due to the cutoff voltage, which was chosen to prevent conversion reactions. 

The phase formed matches the fully lithiated LiMoO2 previously characterized with neutron 

powder diffraction (Figure 3D).
44

 This final, fully lithiated LiMoO2 has even larger b and c axis 

parameters, and also a slightly increased a axis. Accordingly, the unit cell volume increases by 

2.5% during the transition for an overall 13% expansion of the original MoO2 unit cell’s volume 

at full lithiation.  
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This structural evolution can be linked to the electrochemistry, as shown by the four regions 

with redox peaks in the galvanostatic profile and the differential capacity (dQ/dV) analysis. The 

first two regions correspond to continuous solid-solution evolution of the structure. Notably, the 

second region encompasses the first clear plateau identified in the galvanostatic profile, which 

confirms that even apparent plateaus in the galvanostatic profile do not necessarily represent first-

order phase transitions.  The third region, during the second GV plateau or CV Peak 3, involves 

the primary first-order phase transition, and the final redox peak corresponds to the other first-

order phase transition that does not complete due to the voltage cutoff. The capacity from region 

four is noticeably lower for bulk MoO2, even though a large CV peak occurs in this region in the 

nanostructured MoO2 samples; the new phase diffraction intensity is also very low. Overall, this 

redox event appears to be too kinetically hindered in bulk MoO2 to contribute significant capacity 

in this voltage window, which explains why bulk MoO2 exhibits considerably lower than 

theoretical capacity, even at slow rates. 

2.3.4 The effect of nanostructuring on phase transitions  

Next, we evaluate the effect of nanoscale size on the structural change during cycling using 

operando SXRD on our full suite of MoO2 materials. These experiments were performed at SSRL 

beamline 11-3 with standard slurry electrodes in modified coin cells with beryllium windows based 

on a design adapted from Chien et. al (Figure S6).
74

 Traditional coin cells were modified with a 

Kapton-covered hole through the cell casing to decrease attenuation of the X-ray beam by the 

stainless steel. To maintain stack pressure,
75

 beryllium spacers were used to combine mechanical 

rigidity with high X-ray penetration, providing an environment that is functionally identical to that 

in a normal coin cell for operando structural characterization.  Additional discussion of the pros 

and cons of these modified coin cells compared to the AMPIX cells used to collect the data in 
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Figure 3 can be found associated with Figure S6 in the SI. Figure 4 shows operando SXRD data 

for bulk, large nanoporous, small nanoporous, and MoO2 nanocrystal electrodes alongside their 

galvanostatic cycling traces during a single lithiation-delithiation cycle. For Figure 4A, 4B, 4E, 

and 4F, contour plots of the diffraction data are shown for three selected regions of interest, 

Figure 4. Size-dependent phase transition behavior in nanostructured LixMoO2. 4A), 4B), 4E),  
and 4F) show operando SXRD data during cycling of the different MoO2 materials. The large first-

order phase transition in bulk MoO2 becomes dramatically smaller in the nanoporous MoO2, and 

entirely second-order in the nanocrystals. The phase transition is shown by a discontinuous 

transformation of several peaks in the regions highlighted in waterfall plots (4C, 4D, 4G), but the 

structural evolution is entirely continuous in the nanocrystals (4H). 
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including the most intense (011) reflection as well as two other groups of peaks. At the beginning 

of the data collection, all diffraction patterns matched pristine MoO2. As Li
+
 is inserted, the 

samples exhibit expansion of the unit cell, demonstrated by the shift of the (011) peak to lower Q, 

and finish in the same LixMoO2 phase (Figure S8). Despite the similarities in the starting and 

ending phases, however, the evolution between those points varies significantly, particularly 

during the region where bulk MoO2 undergoes phase transformations. To provide a detailed look 

of the first phase transition region, selected diffraction patterns are highlighted for each sample in 

Figure 4C, 4D, 4G, and 4H. The specific voltages where data is shown are indicated by colored 

symbols on the galvanostatic profiles. For bulk MoO2, the data is consistent with the structural 

evolution observed in Figure 3 on pellet electrodes in AMPIX cells. The phase transition is seen 

clearly as a large discontinuous shift in the (011) reflection of the unit cell in the region Q = 1.7 – 

1.8 Å
-1

. The shift corresponds to a change in unit cell volume of about ΔV = 4.7 A
3
, as refined 

from the lattice parameters of the initial and final phases. In the higher Q regions, the discontinuous 

shift of the (011) reflection is accompanied by the disappearance of peaks at 2.56, 2.64, and 4.03 

Å
-1 

from the initial phase and their replacement by peaks at 2.46 Å
-1 

and 3.87 Å
-1 

that
 
correspond 

to the transformed phase. The coexistence of two distinct phases seen in the diffraction data here 

is a signature of a first order phase transition that proceeds by nucleation and growth. 

In the large and small nanoporous MoO2 materials, the structural evolution in this region 

still proceeds through a first-order phase transition, as shown by a small, but clearly discontinuous 

shift of (011) peak, and other similar peak-shift discontinuities in the higher Q regions. Importantly, 

the miscibility gap and the duration of two-phase coexistence decreased considerably in all Q 

regions. The discontinuous shift of the (011) peak observed for the large and small nanoporous 

MoO2 corresponds to a change in unit cell volume of ΔV = 2.8 Å
3
 and 2.4 Å

3
, respectively, which 
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are only 60% and 51% of the size of the bulk values (Figure 5A). These changes in the miscibility 

gap can also be seen clearly in the (011) reflection during the process (Figure 5B). The duration 

of two-phase coexistence, measured in capacity, also decreased. Taking the phase transition as the 

region where two discernable phases are present in the diffraction, the large and small nanoporous 

samples exhibit two-phase regions over about 0.06 and 0.05 Li
+
 per unit cell, respectively, whereas 

that for the bulk is over 0.25 Li
+
 per unit cell (Figure 7A). These changes in the diffraction indicate 

that nanoscale crystal size significantly alters the mechanism for the phase transition in nanoporous 

MoO2, likely due to the increased energetic costs transformation in a nanoscale crystal.
76-78

 The 

phase transition does not begin until a lower voltage, producing a smaller DV and a shorter 

transition duration in a phenomenon that varies continually with size.  Even between the two very 

similar nanoporous materials, the large nanoporous sample has a slightly bigger miscibility gap 

and more two-phase coexistence than the small nanoporous sample (2.8 Å
3
 and 0.06 Li

+
 per Mo, 

versus 2.4 Å
3
 and 0.05 Li

+
). 

 Notably, the very short duration of the transition seen here for the large and small 

nanoporous MoO2 is consistent with a phase transition mechanism in which a phase boundary is 

not stable within an individual crystallite, which leads each domain to transform rapidly once the 

new phase has nucleated. This behavior arises naturally from a nucleation-limited process and is 

commonly referred to as the “domino-cascade” model to describe the behavior of nanoscale 

LiFePO4. 79 , 80
 Unlike in LiFePO4, however, for which the phase transformation nearly 

encompasses the full (de)lithiation process, the phase transition in nanoporous MoO2 exists over a 

much narrower range of stoichiometries.
25

  

 In the even smaller MoO2 nanocrystals, the phase transformation is no longer first-order 

and instead proceeds entirely through a second-order solid-solution mechanism. The (011) 
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reflection remains a single peak, with no discontinuous shift, throughout Li
+
 insertion. Further 

evidence is shown in the higher order peaks: where the bulk and nanoporous MoO2 show peaks 

disappearing at 2.65 Å
-1

 and 4.02 Å
-1

 and reappearing at 2.46 Å
-1

 and 3.87 Å
-1

, the MoO2 

nanocrystals evolve through a continuous change in symmetry, where a single peak shifts to lower 

Q, then splits into two separate reflections that continually evolve to the same final positions, 

without ever appearing at 2.65 Å
-1

 and 4.02 Å
-1

. The continuous change in symmetry seen here 

strongly indicates a second-order, solid-solution mechanism, through which Li
+
 is inserted into the 

crystal structure without the need for nucleation of a new phase. Notably, the MoO2 nanocrystals 

end up at the same LiMoO2 crystal structure as the bulk and nanoporous MoO2 materials, but reach 

that structure through an entirely different pathway. Thus, nanoscale size effects on the phase 

transition mechanism for the MoO2 nanocrystals are even more pronounced than they were for the 

 

Figure 5. The size-dependent miscibility gap in nanostructured LixMoO2. 5A) Progression of 

the unit cell volume for the different MoO2 materials, as determined by Rietveld refinement. The 

size of the miscibility gap decreases from 4.7 Å
 3 

for bulk MoO2 to 2.8 Å
3
 and 2.4 Å

3
 for large and 

small nanoporous MoO2, respectively. The MoO2 nanocrystals have no miscibility gap since they 

undergo entirely solid-solution behavior. 5B) The decrease in miscibility gap is shown clearly by 

the difference in peak positions at the midpoint of the phase transition region.   
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nanoporous MoO2 due to their smaller size. In the nanocrystals, the increased energetic penalty for 

a first-order transition makes this route entirely disfavored compared to single-phase Li
+
 insertion.   

 The changes in the phase transition mechanism from nanostructuring are highlighted 

schematically in Figure 6. Once a critical amount of Li
+
 is inserted, bulk LixMoO2 undergoes a 

first-order phase transition in which a new crystal phase starts to nucleate. The two phases coexist 

Figure 6. Schematic diagram of the changes in phase transition behavior shown in LixMoO2.  Bulk 

MoO2 shows a large first-order phase transition that imposes kinetic limitations on charge storage. 

The same transition in nanoporous MoO2 remains first-order but the miscibility gap and duration 

are decreased considerably. Finally, MoO2 nanocrystals undergo complete single-phase solid 

solution lithiation behavior. The more continuous phase evolution in the nanostructured materials 

do not slow charge storage kinetics significantly. 
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over a relatively large compositional region, and maintain a significant miscibility gap. For the 

nanoporous MoO2, the phase transformation in the same region remains first-order, but with only 

about half the bulk miscibility gap and dramatically shorter duration of two-phase coexistence. In 

this case, the strain from having a first-order transition in materials with nanoscale crystallites has 

led to a smaller gap in lattice parameters and destabilized the coexistence of the two phases. This 

destabilization occurs to a greater extent in the small nanoporous MoO2 than in the large 

nanoporous counterpart.  Finally, the even smaller MoO2 nanocrystals exhibit no first-order phase 

transition, and instead Li
+
 insertion proceeds through a single-phase second order mechanism. The 

identification of these different phase transformation behaviors in materials with the same crystal 

structure but different size and morphology highlights the importance of these factors in governing 

phase transitions. To our knowledge, this full progression of phase transition behavior has not been 

reported for a single system in which only crystal size and morphology are varied. Importantly, 

the sequential progression from bulk first-order to partially suppressed first-order to fully second-

order as size is decreased presents consistent evidence that the formation of a phase boundary 

within a nanoscale crystallite becomes increasingly destabilized as the size of the crystal decreases.  

2.3.5 Electrochemical kinetics in nanostructured MoO2 

 With the changes in phase transition behavior clearly identified, we now turn to a series of 

complementary electrochemical kinetics analyses to determine how these various behaviors affect 

Li
+
 insertion kinetics.  Figure 7A, 7B, 7D and 7E show the cyclic voltammograms for bulk, large 

nanoporous, small nanoporous, and nanocrystal MoO2, respectively, for sweep rates from 0.1 mV 

s
-1

 to 1 mV s
-1

. The most obvious electrochemical signature of the changes in phase transition 

behavior can be found in the magnitude of Peak 3 in the anodic sweep: whereas the bulk MoO2 

shows a large peak corresponding to the primary first-order phase transition, the size of the peak 
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is much smaller for the nanoporous samples, and it occurs only as a broad feature in the solid-

solution MoO2 nanocrystals. To assess the kinetics, we first calculated the relative polarization, or 

shift in position, of each peak compared to its position at the slowest rate (Figure 7C, 7F). This 

value directly maps onto the kinetic barrier during each charge storage process, with no additional 

assumptions. To start, we analyzed the relative polarization of each peak for bulk MoO2 (Figure 

S11). Peaks 1 and 2, which correspond to the two redox events within the solid-solution region of 

Figure 7. Electrochemical kinetics analysis of bulk and nanostructured MoO2. 7A), 7B), 7D) 
and 7E) show cyclic voltammograms for the MoO2 materials at different sweep rates. Each peak 

is labeled with the exponential dependence of the peak current b according to Equation 1 in the 

main text. Peaks 3 and 2’ are highlighted since they correspond to the phase transitions in MoO2. 

As the phase transition is suppressed with nanoscale size, the current at these peaks becomes more 

capacitive. 7C,7E) Relative polarization analysis for Peaks 3 and 2, respectively, as calculated by 

the difference between the peak position at a given rate and its position at the lowest rate (0.1 mV 

s
-1

). The very large polarization for Peak 3 for bulk MoO2 is due to its phase transition, and the 

partially suppressed phase transitions in the nanoporous materials lead to dramatically smaller 

polarization for the same peak (7C). For Peak 2, which is a solid-solution region for all sizes of 

MoO2, the polarization is much more similar, which confirms the detrimental effect of the phase 

transition, and not ionic diffusion, on the polarization of bulk MoO2 (7F).  
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lithiation, show similar, relatively low polarization values of 37 and 58 mV at a sweep rate of 1 

mV s
-1

, indicating that they have fast kinetics. However, Peak 3, which corresponds to the main 

first-order phase transition, shows a dramatically higher polarization of 110 mV at 1 mV s
-1

). This 

high value strongly indicates a slowed kinetic response caused by the phase transition. 

To evaluate the effect of the altered phase transition behavior, we determined the relative 

polarization of these peaks for the nanostructured MoO2 materials. For Peak 3, the relative 

polarization for small and large nanoporous MoO2 are 45 mV and 38 mV at 1 mV s
-1

, 

respectively—less than half the 110 mV for the same peak for bulk MoO2. We note that, due to 

the lack of a clear peak for the MoO2 nanocrystals, the relative polarization in this region could 

not be accurately determined. This dramatic decrease in polarization for large and small 

nanoporous MoO2 suggests that the considerably smaller phase transition in the nanoporous 

samples imposes little, if any, kinetic limitation on charge storage, unlike that for bulk MoO2. 

Electrochemical polarization arises from any kinetic limitations, so the lower polarization for the 

nanoporous MoO2 may reflect, in part, their shortened diffusion lengths compared to bulk MoO2. 

To partially deconvolute the effects of nanoscale ion diffusion lengths on the polarization from the 

effects of changes to the phase transition mechanism, we also analyzed the relative polarization 

for Peak 2 in the anodic sweep, which corresponds to the solid-solution region for all of the MoO2 

materials. For Peak 2 the bulk, large nanoporous, and small nanoporous MoO2 all show similar 

and low values for relative polarization of 38 mV, 48 mV, and 40 mV, respectively at 1 mV s
-1

. 

Only the MoO2 nanocrystals show a slightly higher polarization of 67 mV at the same 1 mV s
-1

, 

which is likely due to the poorer electrical conductivity in the nanocrystal-based electrode. The 

fact that the bulk MoO2 has similar polarization to the nanoporous MoO2 for this peak indicates 
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that the change in phase transition mechanism, and not the decreased ion diffusion lengths, is 

primarily responsible for the low polarization seen for the nanoporous MoO2 for Peak 3. 

We also analyzed the cyclic voltammograms using power-law fits to each peak current 

(ipeak) as the sweep rate (v) is varied, according to the following equation:  

 

where a and b are constants. The value of b, determined by fitting the slope of log(ipeak) versus 

log(ν), should be 0.5 for a reaction limited by semi-infinite diffusion, and 1.0 for a capacitive 

process.
4,7,81

 Intermediate values correspond to diffusion behavior that is between semi-infinite 

diffusion and purely capacitive reactions. This analysis has been used frequently in the literature 

to distinguish between diffusion-controlled or “battery-like” behavior, and pseudocapacitive redox 

reactions, which appear capacitive due to fast Li
+
 diffusion.

50,55,56,29,30,31,32, 82
 We also note a 

longstanding hypothesis that redox reactions that require first-order phase transition are inherently 

diffusion-limited due to the need for propagation of a phase boundary. For example, Conway noted 

that the absence of “three-dimensional phase changes or reconstructions” was key to 

pseudocapacitive redox processes.
29,30

 To evaluate this hypothesis based on our different models 

of phase transition behavior in MoO2, we carried out the power law analysis on the different MoO2 

samples. The fitted values of b corresponding to each peak are shown along with the CV data in 

Figures 7A, 7B, 7D, and 7E, with the values for Peak 3 highlighted in bold. For Peak 3, a direct 

trend is observed with size, as bulk MoO2, large and small nanoporous MoO2, and MoO2 

nanocrystals show b values of 0.69, 0.74, 0.80, and 0.93, respectively, which suggests that the 

suppression of the first-order phase transition does make charge storage more pseudocapacitive.  

A similar trend is also observed for Peak 3’, which corresponds to the phase transition on 

delithiation. 

ipeak = avb 
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 A key challenge for understanding the specific role of phase transition behavior on kinetics 

is separating the associated effects of shortened Li
+
 diffusion distances in nanoscale materials. To 

address this issue, we analyzed the electrode polarization as a function of state-of-charge using the 

galvanostatic intermittent titration technique (GITT). In this experiment, standard MoO2 electrodes 

were cycled with a series of current pulses, followed by extended relaxation under open circuit 

conditions. While the magnitude and duration of the current pulse and the relaxation time can vary 

depending on the system, we applied a current analogous to a C/10 rate for 10 minutes each pulse, 

with two hours of relaxation time in between pulses. The difference between the closed circuit 

voltage at the end of the current pulse and the open circuit voltage at the end of relaxation is a 

measure of the overpotential, or additional electrode polarization required to drive the redox 

reaction.
83—85

 Importantly, unlike the relative polarization derived from peaks shifting in a cyclic 

voltammogram discussed above, the polarization from GITT is measured while the electrode is 

under quasi-equilibrium conditions, so ionic and electronic transport should not contribute to the 

polarization unless they are considerably limited by another process. As such, this technique most 

rigorously isolates the effects of the changes in phase transition behavior on charge storage kinetics 

from those of the shortened diffusion lengths in the nanostructured MoO2. 

 Figure 8A – 8D show the GITT lithiation profiles for bulk MoO2, large and small 

nanoporous MoO2, and MoO2 nanocrystals, respectively. For each graph, the raw GITT voltage 

curve is plotted in black, while the overpotential, as measured by the difference between the open 

circuit and closed circuit voltage for each pulse, is shown in color. During lithiation, bulk MoO2 

shows low polarization during the upper plateau region of the profile, which corresponds to the 

single-phase lithium insertion region (Peaks 1 and 2 according to the labeling previously assigned). 

As the first plateau ends and the transition to the second plateau begins, a dramatic, but temporary, 
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increase in polarization occurs. This portion of the charge storage profile coincides with the 

beginning of the first-order phase transition, which strongly indicates that the nucleation of the 

new phase in this step is kinetically hindered. After the temporary increase, the baseline 

overpotential decreases and remains relatively low, although slightly higher than the initial value, 

until the end of lithiation, where another large increase occurs. This second rise in the overpotential 

can be attributed to the second first-order phase transition as well as the slowed kinetics of 

lithiation when the tunnels of MoO2 are nearly full.  

 The GITT data on the nanostructured MoO2 materials largely shows the same behavior, 

with low overpotential throughout most of the lithiation process followed by a large increase at 

the very end. However, one striking difference is that, where the bulk MoO2 shows a large spike 

in polarization right before the first-order phase transition, the nanostructured MoO2 shows a much 

smaller increase in overpotential. We quantified the local increase in overpotential in this region 

for each of the samples relative to the baseline overpotential. Whereas the bulk MoO2 exhibits a 

Δηmax,local = 124 mV related to the onset of the phase transition, the large and small nanoporous 

MoO2 have Δηmax,local = 10 mV and 11 mV, respectively. Despite still undergoing first-order phase 

transitions, the nanoporous MoO2 materials show overpotentials an order of magnitude less than 

that for bulk MoO2, which indicates that the modified phase transition, with its much smaller 

miscibility gap, imposes considerably decreased limitations on the charge storage kinetics. In the 

MoO2 nanocrystals, the Δηmax,local = 3 mV is smaller still than in the nanoporous materials, 

confirming that the lack of a first order phase transition and an entirely single-phase lithiation 

process leads to even lower overpotentials.  

The GITT analysis in combination with the relative polarization measured from the cyclic 

voltammetry experiments, illustrates clearly and quantitatively that large first-order phase 
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transitions have a negative impact on charge storage kinetics. The next obvious question is: what 

aspect of the phase transition is primarily responsible for the slow kinetics?  Relative polarizations 

and b-values are calculated at the redox peaks, which correspond to the plateau or two-phase 

coexistence region.  Alternatively, the largest overpotentials in GITT occur at the onset of the 

 

Figure 8. Galvanostatic intermittent titration testing (GITT) polarization analysis. 8A) – 8D) 
GITT data for each the MoO2 materials with a series of C/10 current pulses followed by two hours 

of relaxation. The raw GITT data is shown alongside the overpotential (η), which was calculated 

by the difference between the open and closed circuit voltage for each pulse. The bulk MoO2 shows 

a dramatic increase in overpotential immediately preceding the first-order phase transition. The 

size of the local increase in overpotential is much lower for the nanoporous MoO2 and nearly zero 

for the nanocrystals, which indicate the size-induced suppression of the phase transition has 

removed the kinetic limitations from the process. All the samples show increases in overpotential 

as they near full capacity, likely due to slowed Li
+
 diffusion in the filled tunnels. 
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phase transition, which would be associated with nucleation of the new phase.  In all of the 

nanostructured MoO2 materials, these signatures of slow kinetics are diminished greatly, indicating 

that suppression of the phase transition due to finite size effects is a key component to their faster 

charge storage kinetics. Importantly, the nanoporous materials still show a much smaller increase 

in overpotential before their phase transition, even though it remains first-order.  

A possible explanation can be gained by considering the driving force for the first-order 

transition.  Peak 2 in the CV curves corresponds to solid-solution behavior, and this region should 

end when an ion-ordered state is reached, forcing a discontinuous phase transition to accommodate 

addition ion insertion.  The most ion ordered state should occur just before the onset of the first-

order phase transition, corresponding to the large oscillations at the midpoint in the GITT curve in 

Figure 8A.  Similar to the large GITT oscillations observed when the channels are almost full, the 

ion-ordered state should also cause reduced Li
+
 diffusivity.  The smaller overpotentials in the 

nanoscale samples suggest reduced ion-ordering in those materials.  In the nanoporous samples, 

there is still sufficient ion ordering to drive a weakly first-order phase transition, but not in the 

smaller nanocrystal MoO2.  Importantly, as soon as the ion-ordering is even partly relaxed, 

multiple aspects of the phase transitions kinetics become much faster. 

2.3.6 Phase transitions and cycle life 

Finally, we examine the effect of the phase transition behavior on the cell cycle life for our 

nanostructured MoO2 materials (Figure 9A). Large changes in volume during cycling are well 

known to lead to capacity loss over time due to particle cracking and disconnection from the 

electrode.
86,87

 Consistent with this idea, bulk MoO2 shows relatively poor cycle life, with only 50% 

of its initial capacity retained after 1000 cycles at 5C. In contrast, the large and small nanoporous 

MoO2 show excellent capacity retention, with 90% and 89% of their initial capacity remaining 
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after 1000 cycles at 10C; the 

MoO2 nanocrystals exhibit 

intermediate longevity at 77%.  

The reduced cycle life in the 

nanocrystal electrodes is likely 

due to the poorer electrical 

connectivity of the isolated 

nanocrystals, in combination with 

their increased reactive surface 

area.  

The decreased volume 

change at the phase transitions in 

the nanoporous MoO2 and the 

complete single-phase insertion 

process of the MoO2 nanocrystals 

dramatically improve their cycle 

lifetimes. The negative effect of 

the first-order phase transition in 

bulk MoO2 is seen in the changes 

in the galvanostatic profiles 

during extended cycling (Figure 

9B). The plateau corresponding to 

the phase transition is present 

 

Figure 9. The effect of phase transitions on cycle life. A)  
Long term galvanostatic cycling performance for the different 

MoO2 materials. While bulk MoO2 shows poor retention of its 

capacity over 1000 cycles, the nanocrystals show strong and 

the nanoporous materials show exceptional capacity retention 

over 1000 cycles. 9B) – 9E) Evolution of the galvanostatic 

charge storage profiles throughout the long term cycling 

experiment in 9A). While the nanostructured materials largely 

maintain the shape of their profiles, bulk MoO2 shows rapid 

degradation of the capacity in the region of the phase 

transition, as shown by the disappearance of the plateau by the 

200
th

 cycle.   
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during the first cycle, but decreases considerably during the first 200 cycles, and is no longer 

present by the 500
th

 cycle. Notably, the rate of capacity loss is much higher during the first 500 

cycles where the phase transition is still present, further indicating the role it plays in degradation. 

In contrast, the nanoporous MoO2 and MoO2 nanocrystals do not show significant changes in their 

charge storage profiles with prolonged cycling (Figure 9C – 9E) Importantly, these materials still 

undergo the same overall 13% change in volume as bulk MoO2, but that expansion proceeds 

through mostly or entirely continuous processes, rather than through the large discontinuous 

changes of the first-order phase transition in bulk MoO2. The excellent longevity of the 

nanostructured MoO2 indicates that not all changes in volume are equally detrimental to capacity 

during extended cycling.   

2.5 Conclusion 

Using operando SXRD on a series of size-controlled materials, we have demonstrated the 

gradual evolution of phase behavior from strongly first-order phase transitions in bulk MoO2 to 

fully second-order or solid-solution in MoO2 nanocrystal-based electrodes. In intermediately-sized 

nanoporous MoO2, the phase transformation remains first-order, but with only about half the 

miscibility gap and one-fifth the duration of two-phase coexistence. In all cases, the starting and 

ending structures are identical, but the intermediate structural evolution varies continuously with 

size. Importantly, even partly suppressed phase transition behavior dramatically improved cycling 

performance in the nanostructured materials: whereas bulk MoO2 only stores 38 mAh/g, or 18% 

of its theoretical capacity, at 20C, the large and small nanoporous and MoO2 nanocrystals all store 

about 130 mAh/g, or 62% of theoretical, at 20C. Using electrochemical kinetics analyses, we 

identified clear signatures of polarization at the onset of the phase transformation in bulk MoO2, 

and found, accordingly, that this polarization decreased significantly from in the nanomaterials. In 
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specific, bulk MoO2 showed a 124 mV increase in overpotential measured by GITT, whereas the 

nanoporous samples showed an order of magnitude lower increase in overpotential at 11 and 10 

mV, and the nanocrystals had barely any increase at 3 mV, possibly due to decreased ion ordering. 

Finally, we highlighted the key role of phase transition behavior in cycle longevity, as bulk MoO2 

retained only 50% of its initial capacity after 1000 cycles, whereas the large and small nanoporous 

showed 90% and 89% retention after 1000 cycles. The fact that the nanostructured samples 

undergo their volume change through a mostly or entirely continuous process, instead of having a 

large discontinuous phase transition, favorably impacts all aspects of cycling kinetics and stability.  

Suppression of first-order phase transitions has long been associated with improved Li
+
 

de(insertion) kinetics, and many common cathode materials use mixtures of elements to 

accomplish this goal in bulk materials.
88

  A unique aspect of this work is the observation of 

dramatically improved kinetics in nanoscale materials that still show a discontinuous, first-order 

phase transition.  We hypothesize that these effects may also be found in other battery materials. 

For example, the nanoporous MoO2 shows fast kinetics, despite its first-order transition, similar to 

LiFePO457-27
 and Li4Ti5O12,28,89-91

 which also have first-order transitions and high rate capability, 

but only when nanostructured. This may indicate that it is possible to have first order phase 

transitions that are mechanistically different from the bulk in nanoscale electrode materials 

because of reduced ion ordering or because of energetic changes to nucleation or growth of the 

phase transition in small domains. Overall, resolving these mechanistic changes is necessary for a 

complete understanding of how finite size effects contribute to high power density in Li-ion 

electrode materials.  
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CHAPTER 3 

Analyzing How the Suppression of Phase Transitions Leads to Pseudocapacitive Properties 

in LixMoO2 Using Electrochemical Impedance Spectroscopy 

3.1 Introduction 

 Energy storage devices with both high energy density and high power density are needed 

for a variety of applications, including the widespread electrification of transportation and the 

implementation of grid-scale storage systems.
1,2 

Pseudocapacitive energy storage devices, which 

rely on surface- or near-surface redox reactions for charge storage, are one promising avenue to 

meet performance needs for both energy and power density.
3 - 7

 Li-ion pseudocapacitors, in 

particular, have seen extensive attention due to their intermediate properties between Li-ion 

batteries and electrochemical capacitors.
8 -13

 Li-ion batteries store charge through bulk redox 

reactions between a host material and an Li
+
 electrolyte, and often show poor rate capability due 

to the need for long-range solid-state diffusion of ions in the host material and phase transitions 

between lithiated and delithiated phases.
14,15

 On the other hand, electrochemical capacitors, which 

rely on electrostatic adsorption of ions to store charge, can cycle very quickly but provide low 

overall capacity since they do not use redox reactions.
16-18

 Broadly, pseudocapacitors store charge 

through surface or near-surface redox reactions, which lead to their having higher energy density 

than electrochemical capacitors with significantly faster charge storage than bulk battery 

materials.
3-5

 Originally, the term pseudocapacitance was first used by Conway in the 1990s to 

describe redox processes in thin films like RuO2●H2O.
5-7,19

 Over the last fifteen years, however, 

the concept has seen renewed interest in nanostructured Li-ion battery materials. With short ion 

diffusion lengths in the solid state, some, though not all, nanoscale battery materials can become 

intercalation pseudocapacitors that maintain battery-like capacity with fast, pseudocapacitive 
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kinetics.
4,6

 The blurring of the boundaries between battery and pseudocapacitor materials has led 

to confusion in the literature about the differences in their charge storage mechanisms.
2,20-22

 The 

role of fast Li
+
 ion diffusion has been identified as one prerequisite for pseudocapacitive 

mechanisms, but not all nanostructured battery materials become pseudocapacitors. An additional 

key component that has seen less attention is the role of structural phase transitions that occur 

during Li
+
 (de)insertion.

23-28
 Most battery materials undergo first-order phase transitions, which 

occur by nucleation of the new phase followed by its growth throughout an entire crystallite. The 

need for such a phase transformation slows charge storage since nucleation typically requires a 

high activation energy, and, during subsequent growth of the new phase, ion insertion is coupled 

to the diffusion of the phase front.
29 , 30

 Naturally, these first-order phase transitions can be 

diffusion-limited, and their absence has been hypothesized as a key prerequisite for realizing 

pseudocapacitive charge storage.
6,24,26,27

  

Recently, we analyzed the first-order phase transition in bulk LixMoO2, a model tunnel-

structure insertion anode material, and showed that the same Li
+
 insertion process in nanoscale 

versions of MoO2 led to significant changes in the phase transition mechanism.
31

 In nanoporous 

MoO2, the phase transition had a smaller miscibility gap and shorter duration, whereas in even 

smaller MoO2 nanocrystals, the transformation changed to an entirely second-order solid solution-

type mechanism. Importantly, these changes in the phase transition behavior were linked with 

dramatically improved rate capability of the nanoscale MoO2 compared to bulk MoO2 using 

electrochemical measurements of the polarization in the phase transition region. However, the 

charge storage mechanism could not be clearly identified as pseudocapacitive or battery-like due 

to limited information from the commonly used power law kinetic analysis.  
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Here, we apply a series of analyses based on electrochemical impedance spectroscopy (EIS) to 

MoO2 to better understand the role of phase transition behavior in governing the charge storage 

mechanism. EIS-based techniques have been used for a variety of purposes, including the 

commonly used Bode analysis, which is a standard kinetic characterization for 

supercapacitors.
16,22,32,33

 This method examines the EIS-derived real capacitance (C’), imaginary 

capacitance (C”), and the phase angle (ϕ) as a function of frequency, or time scale of the 

measurement, to distinguish the contribution of kinetically fast or slow processes. A series of 

recent studies adapted the Bode analysis to distinguish double-layer capacitive, pseudocapacitive, 

and battery-like charge storage mechanisms in different materials.
22,34-37

 Based on measurements 

on electrodes of YP50, a standard carbon supercapacitor, T-Nb2O5, a well-known pseudocapacitor, 

and LiFePO4, a fast battery, features of the EIS response were proposed as characteristic signatures 

of the respective charge storage mechanisms.
22

 Specifically, YP50 showed virtually no change in 

its capacitance or phase angle at different voltages, consistent with its box-shaped cyclic 

voltammogram, whereas LiFePO4 displayed a sharp spike in capacitance and dip in phase angle at 

its characteristic voltage for charge storage. T-Nb2O5 had intermediate behavior, with broad 

features across a range of voltage in both capacitance and phase angle. The frequency dependence 

of capacitance and phase angle also corroborated the mechanisms, with LiFePO4 showing the most 

change, T-Nb2O5, showing intermediate, and YP50 showing the least change with frequency, 

which suggested increasingly fast kinetics. In this work, we carry out the Bode analysis on our 

series of size-controlled MoO2 materials with distinct phase transition behavior, with the goal of 

determining how specific behaviors affect the charge storage mechanism. By contrasting the 

measured capacitance from EIS with the observed capacity in cyclic voltammetry, we differentiate 

regimes of diffusion-limited and capacitive charge storage in the various sized samples of MoO2. 
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Notably, the least capacitive regions of charge storage occur during the first-order phase transitions 

in bulk MoO2, indicating that the combination of long Li
+
 diffusion distances and the kinetically 

slow first-order phase transition lead to diffusion-limited charge storage. In contrast, the same 

voltage region shows highly capacitive charge storage in the nanostructured MoO2 materials with 

suppressed phase transition behavior, confirming the key role that suppression of phase transitions 

plays in the development of pseudocapacitive properties.  

3.2 Materials and Methods 

3.2.1 Materials.  

 The following materials were obtained from commercial suppliers and used without further 

purification: ammonium molybdate (para) tetrahydrate (NH4)6Mo7O24•4H2O (99%, Alfa Aesar), 

ammonium persulfate (98%, Alfa Aesar), ammonium lauryl sulfate (~30% in H2O, Sigma Aldrich), 

molybdenum (V) chloride (99.6%, Alfa Aesar), methyl methacrylate (contains ≤ 30 ppm MEHQ 

as inhibitor, 99%, Sigma Aldrich).  

3.2.2 Preparation of bulk and nanoporous MoO2.  

 The bulk and nanoporous MoO2 samples were synthesized through a modified sol-gel route 

using freeze-drying. In this process, an aqueous solution of dissolved Mo precursor is frozen in 

liquid N2 and dried under vacuum, then subsequently calcined to crystallize the material. To 

produce the nanoporous MoO2, 150 - 200 nm polymer colloids were mixed with the Mo precursor 

in the initial solution in order to template the nanoscale architecture.  

In a typical synthesis of bulk MoO2, 200 mg of (NH4)6Mo7O24•4H2O was added to 3 mL 

of water, then heated at 60ºC until it was fully dissolved. The resulting solution was frozen by 

dropwise addition into liquid N2 and lyophilized on a Schlenk line for 12 to 24 hours (<200 mtorr). 

The dried Mo precursor powder was then calcined in a quartz boat at for 1 hour at 625ºC in flowing 
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5%H2/95%N2 (1 hour heating ramp time and natural cooling rate). For the nanoporous MoO2, a 

similar procedure was followed with slight modifications. In a typical synthesis, 200 mg of 

(NH4)6Mo7O24•4H2O was added to 2 mL of water, then heated at 60ºC until it was fully dissolved. 

Then, 2 – 4 mL of polymer colloid solution were added (depending on the density of colloids in 

solution) to obtain a 1:1 mass ratio of Mo precursor:colloid. The synthesis of the PMMA colloids 

with different sizes is described below. After the Mo precursor-polymer colloid solution was 

mixed thoroughly, it was frozen by dropwise addition to liquid N2 and lyophilized on a Schlenk 

line for 12 to 24 hours (< 200 mtorr). The dried Mo precursor-polymer composite powder was 

calcined in a quartz boat in flowing Ar in two separate heating steps, with the powder cooled, 

removed from the furnace and exposed to air in between: first, at 550ºC for 1 hour, and then at 

675ºC for 1 hour (1 hour heating ramp time for each step and natural cooling rate).  This two-

heating-step process was employed to separate removal of the polymer templates from 

crystallization of the MoO2 material. Since calcination occurs under anaerobic conditions, the 

polymer templates do not combust fully and, with a single step process, Mo carbides form at the 

temperatures needed to crystallize the nanoporous MoO2. After the second calcination, nanoporous 

MoO2 samples were stored in inert atmosphere to avoid ambient oxidation. 

3.2.3 Synthesis of poly(methyl methacrylate)(PMMA)  colloids.  

 The synthesis of PMMA colloids with different sizes was adapted from a previous 

procedure described by Wang et al.
38

 Ammonium persulfate (APS) was used as the initiator and 

ammonium lauryl sulfate (ALS) as the surfactant. APS, ALS, and deionized water were put into a 

three-neck round-bottom flask (250 mL) equipped with a magnetic stirrer, a reflux condenser, and a 

thermometer. After the temperature was raised to 75 °C, the monomer methyl methacrylate (MMA) 

was added. After monomer addition, the reaction temperature was kept at 80–85 °C for an hour 
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before a cooling operation was applied. The concentrations of reagents were varied to make different 

sizes of PMMA. The as-synthesized PMMA colloidal aqueous solutions were extracted with 

hexanes to remove excess monomer. Before use, the mass density of colloids in solution was 

measured by thermogravimetric analysis.  

3.2.4 Synthesis of MoO2 nanocrystals.  

 MoO2 nanocrystals were synthesized in a hydrothermal autoclave according to previously 

reported method with minor adaptations. In a typical synthesis, 270 mg of MoCl5, 15 mL water, and 

5 mL ethanol were added to a 50 mL Teflon-lined Parr autoclave. The autoclave was sealed and 

heated for 6 hours at 180ºC, then allowed to cool overnight. The product was centrifuged washed 

with ethanol three times. After the final wash, the powder was dried at 80ºC under vacuum. The as-

synthesized nanocrystals were stored under inert atmosphere to avoid ambient oxidation.  

3.2.5 Structural characterization.  

 Scanning electron microscopy (SEM) images were obtained using a model JEOL JSM-

6700F field emission electron microscope with 5 kV accelerating voltage and 6 mm working 

distance. Sample purity was assessed using laboratory X-ray diffraction collected with a 

PANalytical X’Pert Pro diffractometer operating with Cu Kα (λ = 1.5418 Å) using a 0.05° step 

size, an accelerating voltage of 45 kV, and a current of 40 mA.  

3.2.6 Electrochemical testing.  

 All MoO2 powders were assembled into composite slurry electrodes for electrochemical 

testing. Electrodes had an overall composition of 70% active material, 10% multiwalled carbon 

nanotubes, 10% vapor-grown carbon fibers, and 10% polyvinylidene fluoride (PVDF) binder.  

Prior to slurry preparation, the dry slurry components and current collector were heated at 100ºC 

under vacuum overnight. The active material was ground with the carbons in a mortar and pestle 
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dry, then a PVDF binder solution (2.5 % wt in N-methyl pyrrolidone) was added and mixed to 

produce a homogeneous paste that was cast onto an aluminum current collector with a doctor blade. 

The electrodes were dried under vacuum at 100ºC overnight. Electrodes with 0.7 mm diameter 

were punched out for electrochemical testing with mass loadings of active material of 1 – 1.5 

mg/cm
2
.  

 All electrochemical measurements were conducted in stainless-steel 2032 coin cells (MTI) 

with a stainless-steel conical spring, two 0.5-mm stainless-steel spacers, a glass microfiber 

separator (Whatman), and a polished Li metal electrode (Sigma). The electrolyte was 1 M LiPF6 

in 1:1 ethylene carbonate (EC): dimethyl carbonate (DMC), with ~50 uL of electrolyte used per 

cell. All cycling experiments were performed between 1.1 V and 3 V vs. Li/Li
+
 on a VMP3 

potentiostat/galvanostat (Bio-Logic). When calculating C-rates, the theoretical capacity used was 

210 mAh/g, based on the 1 e
-
 Li

+
 insertion reaction into MoO2 (1C = 210 mA/g, 5C = 1.05 A/g, 

etc.). Electrochemical impedance spectroscopy was conducted after samples had been rate tested 

galvanostatically. Measurements were conducted between 900 kHz and 5 mHz using a 10 mV 

amplitude input each 0.1 V between 1.1 and 2.7 V versus Li/Li
+
. 

3.2.7 Operando Synchrotron X-ray Diffraction  

 Operando SXRD was conducted at beamline 11-3 at the Stanford Synchrotron Radiation 

Lightsource at 12.7 keV, using modified coin cells with Be spacers as adapted from Chien et al.
39

 

While conventional modified coin cells use stainless steel spacers with holes to provide X-ray 

transparency, experiments done with these cells are susceptible to artifacts due to the lack of stack 

pressure and electrical conductivity in the region probed by the X-ray beam.
40

 Our improved cell 

design uses Be spacers, which do not have holes, and thus remain both rigid and conductive to 

accurately recreate the cycling environment in a real coin cell. Beryllium metal discs 15 mm in 
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diameter x 0.5 mm thick were purchased from American Elements (99%). Caution: Beryllium 

oxide particulates formed from machining or breaking beryllium are carcinogenic and the material 

should be handled with caution. 

3.3 Results and Discussion 

For this study, we synthesized three characteristic versions of MoO2 by adapting previously 

reported methods.
24,31, 41

 Briefly, bulk and nanoporous MoO2 powders were produced with a 

modified aqueous sol-gel-type method based on freeze drying, followed by calcination under inert 

atmosphere. For the nanoporous MoO2, polymer colloids were added to the initial precursor 

solution to template formation of the nanoporous architecture. MoO2 nanocrystal powders were 

prepared hydrothermally. The three MoO2 materials were characterized with scanning electron 

microscopy (SEM, Figure 1A – 1C). The MoO2 nanocrystals comprise individual particles 15 – 

30 nm in diameter loosely agglomerated into larger secondary particles, whereas the nanoporous 

MoO2 consists of micron-scale particles with ~ 150 nm pores throughout the material. Finally, the 

bulk MoO2 shows anisotropic particles approximately 0.5 – 10 µm in diameter.   

The MoO2 materials were assembled into composite electrodes with conductive carbon and 

binder and tested in half-cell configuration in coin cells. MoO2 is often studied for the high capacity 

conversion reaction in which it is fully reduced to form Mo metal and Li2O.
42-49

  However, this 

reaction suffers from large volume change and the formation of insulating regions of Li2O, which 

hinder its reversibility and rate capability. Here, we limit the lower voltage bound to 1.1 V vs. 

Li/Li
+
 to access the one electron insertion reaction, in which Li

+
 is reversibly (de)inserted into 

vacant interstitial sites within the tunnels of MoO2 (Equation 1).  This reaction has a moderate 

theoretical capacity of 210 mAh/g and shows significantly improved cyclability and scalability 

compared to conversion.
50

 

(1) MoO2 + x e-
 + x Li

+ ⇌	LixMoO2  (0 ≤ x ≤ 1)	
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The rate capability of each material was assessed with galvanostatic rate testing from 1C 

to 20C (Figure S1A). Both the nanoporous MoO2 and MoO2 nanocrystals show excellent cycling 

performance, with near-completion of the insertion reaction at slow rates, and strong retention of 

capacity at faster ones. Bulk MoO2, on the other hand, can only store about 150 mAh/g at 1C, and 

retains relatively little of that capacity out to 20C. The galvanostatic charge storage profiles of the 

three materials also show key differences, with the clear plateaus for bulk MoO2 replaced by 

sloping profiles to different extents in the nanoscale MoO2 (Figure S1B). Using operando X-ray 

 
Figure 1. Scanning electron microscopy characterization of A) bulk MoO2, B) nanoporous MoO2, 

and C) MoO2 nanocrystals. D) – F) The respective operando X-ray diffraction data during one 

lithiation-delithiation cycle. Bulk MoO2 shows a large first-order phase transition that is partially 

suppressed in the nanoporous MoO2 and then completely suppressed to a solid-solution behavior 

in the MoO2 nanocrystals. 
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diffraction, we characterized the structural change of the MoO2 materials during cycling, with the 

most intense (011) reflection highlighted (Figure 1D – 1F). Each material begins as pristine, 

unlithiated MoO2, and finishes lithiation at the same LiMoO2 phase. However, the pathway 

between these two endpoints varies for each type of MoO2. Halfway through the lithiation, bulk 

MoO2 shows a first-order phase transition with a large miscibility gap, followed by another first-

order phase transition near the end of lithiation that does not complete due to the voltage cutoff. 

In the same regions for nanoporous MoO2, there is still a first-order phase transition, but the 

miscibility gap is smaller, and the duration of two-phase coexistence is dramatically shorter. 

Finally, for the MoO2 nanocrystals, the entire lithiation process occurs as a second-order-type 

continuous solid-solution process. As such, these MoO2 materials provide a model system for 

comparison that has the same basic redox reaction for charge storage, but simultaneously has three 

distinct types of phase transformation behavior.  

With the system characterized through these well-established methods, we now turn to 

analysis with EIS. A single EIS measurement involves application of a small, oscillating voltage 

to an electrode across a range of frequencies and recording its response. Here, 10 mV was chosen 

as the amplitude for the applied voltage, and the frequency (f) range was 5 mHz to 900 kHz. For 

each material, a set of EIS measurements was taken each 0.1 V throughout the voltage window 

(1.1 V to 2.7 V). The analysis method for the data was adapted based on the derivation described 

by Ko et al.
22

 In summary, the real and imaginary components of the capacitance (C’ and C”, 

respectively) were derived from the real and imaginary components of the impedance (Z’ and Z”, 

respectively) based on the following relationships: 

 

 

(2)							"′	 = 	 !""(⍵)⍵|"(⍵)|!	 (3)							""	 = 	 !"
"(⍵)

⍵|"(⍵)|!	
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where ⍵ is the angular frequency. These relationships are derived from the basic equations that 

govern the impedance of a simple equivalent circuit made up of a resistor and capacitor in series.
33

 

This extraction of the capacitance from the impedance is a standard method in the supercapacitor 

community to identify the capacitive response of a material, but has only more recently been 

applied to battery and pseudocapacitor materials.  

The phase angle (ϕ) was another parameter of interest extracted from the EIS 

measurements, which was calculated by 

 

 

By definition, ϕ represents the shift of the alternating current (AC) response of the cell relative to 

the alternating applied voltage during the EIS experiment. According to basic circuit equations, a 

pure resistor has a fully in-phase response (ϕ = 0º), whereas a double-layer capacitor current 

response lags out-of-phase with the voltage (ϕ = 90º).
33

 A diffusion element can be modeled with 

an intermediate phase angle (ϕ = 45º). Based on these derivations, ϕ has been described as the 

weighted sum of these components according to their prevalence. For example, the hypothesis 

follows that a battery-like charge storage mechanism should exhibit ϕ somewhere between a 

diffusion-limited process and a resistive one, whereas a capacitor or pseudocapacitor would likely 

maintain much higher values for ϕ.
22

 We caution, however, that the interpretation of this parameter, 

especially at intermediate values, is subject to oversimplification, as we discuss later. 

(4)							&	 = 	 tan!( ""(⍵)""(⍵)	
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 To start, we analyzed the real capacitance and phase angle at the lowest frequency (f = 5 

mHz) (Figure 2A, 2B). This timescale corresponds to a cyclic voltammetry experiment with a 

sweep rate of about 0.2 mV/s, or about a five hour charge or discharge, which is slow enough that 

most charge storage processes should occur. For all three MoO2 materials, the capacitance remains 

low from 2.0 V - 2.5 V, where MoO2 is not redox active, except for a small peak for the 

nanocrystals attributed to redox at undercoordinated surface sites. Below 1.9 V, the capacitance 

rises in two peaks with maxima at 1.6 V and 1.4 V, respectively. These two peaks correspond to 

different redox peaks in MoO2, and based on the operando XRD data discussed above, coincide 

with two distinct types of structural change. Lithiation from 1.5 – 1.9 V involves a solid-solution-

type process for all three materials, where no phase transformations are necessary and only 

continuous structural evolution occurs. In this region, the capacitance is similar for the nanoscale 

MoO2, with a peak capacitance of 876 F/g for nanoporous MoO2 and 819 F/g for MoO2 

nanocrystals. For bulk MoO2, the value is less than half the same amount at 378 F/g, despite having 

the same capacity in this region in cyclic voltammetry. This decrease in capacitance is likely due 

 
Figure 2. Results of voltage-dependent EIS analysis at low frequency (f = 5 mHz). A) Real 
capacitance C’ and B) phase angle ϕ for the three types of MoO2. Bulk MoO2 shows lowered 
capacitance at the first redox peak at 1.6 V and dramatically decreased capacitance during its first-
order phase transitions between 1.1 – 1.4 V. The nanostructured MoO2 remains much more 
capacitive in this region due to the changed phase transition behavior. C) The inverse relationship 
between capacitance and phase angle is clear for most points, except those circled, which 
correspond to the phase transition region for bulk MoO2. 
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to the longer Li
+
 diffusion distances for bulk MoO2, confirming the importance of fast ion diffusion 

in promoting pseudocapacitive properties in the nanoscale MoO2. 

 During the second peak from 1.2 – 1.4 V, more than just the diffusion distances vary, as 

the type of structural change depends on the material. In this region, bulk MoO2 undergoes a first-

order phase transition, while nanoporous MoO2 has a partially suppressed version of the phase 

transition, and the MoO2 nanocrystals have a fully suppressed solid-solution-type process. These 

differences in structural change lead to even more dramatic effects on the capacitance. At 1.4 V, 

the MoO2 nanocrystals have the highest peak capacitance at 793 F/g, despite having the lowest 

capacity at this potential in cyclic voltammetry. The nanoporous MoO2 exhibits good, but still 

lowered, capacitance at 668 F/g, while bulk MoO2 shows much lower peak capacitance of 153 F/g. 

This disparity indicates that the type of structural change is a key factor that determines whether 

charge storage is included in the measured capacitance.  The large first-order phase transition for 

bulk MoO2 in this region, in combination with its long diffusion lengths, make its charge storage 

diffusion-limited. This result is consistent with previous work, where we demonstrated that the 

onset of the phase transition induces a large overpotential in galvanostatic intermittent titration 

technique (GITT) experiments. When the phase transition is partly suppressed and mediated by 

nanoscale diffusion lengths in the nanoporous MoO2, much more of the charge storage is 

capacitive, even though the transition remains first-order. Finally, when the structural change 

becomes fully second-order solid-solution-type in the nanocrystals, the effect on the capacitance 

is the least. 

 We also examined the phase angle ϕ across the voltage window at this frequency. The 

observed trends in the capacitance strongly indicate that bulk MoO2 is the least pseudocapacitive 

sample and the MoO2 nanocrystals are the most pseudocapacitive. Accordingly, we expected the 
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former to exhibit relatively low phase angles that show resistive behavior, and vice versa for the 

latter. However, we found the opposite to be true: bulk MoO2 maintains the highest phase angles 

during charge storage, with angles of 34º and 38º at the local minima for 1.6 V and 1.3 V, 

respectively, compared to values of 23º and 24º for the MoO2 nanocrystals at their local minima. 

We also found the phase angle data inconsistent within the bulk MoO2 sample, as the solid solution 

region peak had a lower phase angle than the phase transition region did, in contrast to the higher 

portion of capacitive charge storage indicated by the capacitance for the former. Rather than 

supporting the capacitance data and the variety of other analysis techniques that corroborate the 

slow, diffusion-limited nature of the phase transition in bulk MoO2, the phase angle directly 

contradicts it. In fact, we noticed a strong inverse correlation between the magnitude of the 

capacitance and the phase angle throughout all charge storage regions in the samples. This 

relationship was consistent for the peak values for all of the samples, as listed above, and 

throughout the entire voltage window. For example, at the small peak in the capacitance for the 

nanocrystals between 2.0 – 2.5 V, that does not exist for the other samples, there is an inverse 

minimum in the phase angle for the nanocrystals, but not for the other two samples. These results 

demonstrate that the phase angle is a poor predictor for evaluating the charge storage mechanism. 

The main reason is that diffusion-limited or battery-like charge storage is not registered in the 

impedance measurement, as evidenced by its absence from the capacitance, even at the very low 

frequency tested here. As such, the phase angle counterintuitively ends up the highest for the least 

capacitive samples.  

To demonstrate this observation, we plotted the phase angle versus the capacitance to examine 

their relationship (Figure 2C). The inverse correlation between these two values is clear for all 

three samples, as nearly every point falls along a pseudolinear trajectory. The highest capacitances, 
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which correspond to the redox peaks for the two types nanostructured MoO2, also possess the 

lowest phase angles out of the points. The opposite is also mostly true, where large clusters of 

points with phase angle > 50º correspond to the redox inactive region from 2 – 2.5 V. Four points 

from bulk MoO2, however, appear as exceptions to this rule and fall below the other points with 

relatively low phase angles despite their low capacitance. Notably, these points are all from the 

low end of the voltage window (1.1 – 1.4 V), where bulk MoO2 is undergoing first-order phase 

transitions. These exceptions suggest that the battery-like charge storage mechanism still 

influences the phase angle, but to a much lesser extent than a high capacitance would. Overall, the 

phase angle remains a misleading metric in these battery-to-pseudocapacitor systems. 

 The observed capacitance, on the other hand, appears to be a strong indicator for the charge 

storage mechanism. To explore this concept further, we plotted the low frequency capacitance 

measured by EIS alongside the capacity measured by cyclic voltammetry (Figure 3A – 3C). To 

enable comparison, we multiplied the current measured during the anodic sweep in the CV 

experiment by the sweep rate to get units of capacitance, rather than current. This technique is 

frequently used to determine the capacitance of supercapacitor materials, but cannot be used to 

calculate capacitance when Faradaic reactions are present.
16,17

 Instead, we note that we apply the 

method here simply to allow comparison between capacity from CV and capacitance by EIS. The 

resulting graphs provide a semi-quantitative measurement of how much of the observed capacity 

is capacitive in nature. This quantification has been performed a number of times using sweep rate 

dependence in CV,
2,10-12,51

 but has not been done with the method here to our knowledge. This 

analysis yields similar results as the capacitance alone, discussed above, but more clearly 

emphasizes the disparity between the different MoO2 samples as the phase transition behavior 

changes. For the overall analysis, bulk MoO2 shows only 17% capacitive charge storage, compared 
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 to 44% for the nanoporous MoO2 and 52% for the nanocrystals. These fractional values are 

considerably lower than suggested by other analyses, and should be considered semi-quantitative 

but not exact. Beyond the overall amount of capacitance, this technique gives information about 

which parts of charge storage are the most or least capacitive. For example, clear from the analysis 

once again is that the first-order phase transition that slows charge storage in bulk MoO2 makes it 

the most battery-like. For the third peak in the CV around 1.3 – 1.4 V, bulk MoO2 shows the 

highest capacity, but lowest capacitance by a significant amount. The MoO2 nanocrystals, on the 

other hand, have the smallest third peak in CV at 1.4 V, but the highest capacitance of the samples 

in this region, confirming that their solid-solution-type structural change is key to achieving 

pseudocapacitive charge storage. 

 Beyond the low frequency behavior, we can also conduct traditional Bode analysis, which 

looks at the frequency dependence of the capacitance and/or phase angle for a specific voltage. 

We highlighted these parameters for a range of frequencies (f = 5 mHz – 50 Hz) for the phase 

transition region at 1.4 V (Figure 4A, 4C) and for the solid-solution region at 1.6 V (Figure 4B, 

Figure 3. A) – C) Relative contribution of capacitance to capacity for the three MoO2 materials. 
For each graph, the capacitance C’ measured by EIS at low frequency (f = 5 mHz) is compared to 
the capacity from CV with a sweep rate of 0.1 mV/s to determine how capacitive the overall charge 
storage is. The current from CV was divided by the sweep rate to give equivalent units for accurate 
comparison. The percentage shown reflects the relative contribution of the capacitance to the 
overall capacity. 
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 4D). Previous work noted that supercapacitor materials showed less dependence on frequency in 

this frequency range compared to pseudocapacitor or battery materials, since supercapacitors 

should maintain their full capacity well above the lowest frequency here, which corresponds to a 

scan rate of 0.2 mV/s.
22

 In contrast, the pseudocapacitor and battery materials showed a steep 

increase in capacitance towards lower frequency, with the battery showing a steeper slope. Here, 

our results indicate a different conclusion, with bulk MoO2 showing the least slope, while 

 
Figure 4. Traditional Bode analysis showing the capacitance C’ and the phase angle ϕ as a function 

of frequency for A), C) 1.4 V and B),D) 1.6 V, which correspond to the phase transition region, 

and solid solution region of the lithiation, respectively. 
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nanoporous and nanocrystals show much more dramatic increases in capacitance at low frequency 

for both the 1.4 V and 1.6 V plots. For bulk MoO2, the increase in capacitance as frequency 

decreases is greater for the solid-solution region at 1.6 V, while the 1.4 V region shows low 

capacitance even to the lowest frequency. Once again, the long solid-state diffusion distances and 

first-order phase transition for bulk MoO2 greatly limit its capacitance, especially during the phase 

transition, despite the low frequencies tested here. Ironically, the frequency dependence of bulk 

MoO2’s capacitance looks most similar to that of YP50, although for a completely different reason. 

Whereas YP50 showed a relatively flat curve due to its high rate capability, bulk MoO2 shows a 

similar shape since its charge storage is so slow that it is excluded from capacitance.  Clearly, this 

result highlights a potential pitfall in conducting Bode analysis for battery and pseudocapacitor 

materials. Although the shape of the capacitance-frequency curve is not a clear indicator of the 

charge storage mechanism, the relative magnitude of the capacitance remains insightful, as 

discussed in the previous sections. Unlike supercapacitors, pseudocapacitor materials like the 

MoO2 nanocrystals still show decreases in their capacitance as frequency is increased, even at low 

frequencies.  

As the other metric examined in the Bode analysis, the phase angle ϕ shows non-monotonic 

changes with frequency for all three materials and for both main redox peaks. As frequency is 

decreased from 50 Hz, ϕ decreases, then increases, multiple times. This non-monotonic shift is 

also shown for T-Nb2O5 and LiFePO4 in previous work, and may reflect a varying weight of the 

resistive and capacitive components in the circuit. Notably, the pattern holds for all samples tested 

here. Again, as we noted before, however, the phase angle is a misleading metric for these systems 

and should not be considered on its own. 
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 Finally, the charge storage dynamics are shown in greatest detail in three-dimensional Bode 

plots, where C’ or ϕ is plotted versus both voltage and f. For C’, each MoO2 sample shows two 

local maxima that correspond to the redox peaks, with both MoO2 nanocrystals and nanoporous 

MoO2 exhibiting much larger peaks than bulk MoO2, which is much less capacitive (Figure 5A – 

5C). For all samples, the peaks have the highest capacitance at low frequencies, and diminish 

rapidly as frequency is increased and the experiment time scale becomes too short for the Faradaic 

processes in the material. Conversely, the phase angle shows local minima in the same regions, 

with the deepest minima for the MoO2 nanocrystals and the shallowest for the bulk MoO2 at low 

frequency (Figure 5D – 5F). At higher frequencies, all samples show significantly lower phase 

angle, confirming the transition to purely resistive behavior. Overall, these three-dimensional plots 

 
Figure 5. Three dimensional Bode plots showing A) – C) capacitance C’ and D) – F) phase angle 

ϕ as a function of voltage and frequency. 
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confirm the pseudocapacitive properties of the nanostructured MoO2 and the fully diffusion-

limited charge storage mechanism in bulk MoO2. 

 

3.4 Conclusion 

 In conclusion, we evaluated the charge storage mechanisms of three representative MoO2 

materials that show similar redox, but distinct types of phase transition behavior, using an EIS-

based analysis. This method for analyzing charge storage mechanism with EIS has been applied 

frequently to supercapacitor materials but only recently used for Li-ion battery materials and 

pseudocapacitors. We find that the measured capacitance in MoO2 relative to the total capacity 

depends strongly on the specifics of charge storage, with redox associated with the first-order 

phase transition in bulk MoO2 demonstrating very low capacitance. When that same phase 

transition is partially or fully suppressed in the nanostructured MoO2, the measured capacitance is 

much closer to the capacity. Notably, the phase angle ϕ extracted from the same analysis showed 

highly misleading results, with the bulk MoO2 counterintuitively maintaining the highest phase 

angle during its charge storage. Overall, this work emphasizes the impact of structural change of 

charge storage mechanism and highlights important potential pitfalls of EIS-based analysis on 

battery-to-pseudocapacitor materials. 
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CHAPTER 4 

Electrochemically-Formed Disordered Rock Salt ⍵-V9Mo6O40 as a Fast-Charging Li-Ion Electrode 

Material 

4.1 Introduction 

 Electrochemical energy storage devices with both high energy density and high power 

density are essential to a number of important technologies, including electric vehicles and grid-

scale storage.
1,2

 While next-generation energy storage chemistries show great promise, traditional 

insertion-based Li-ion batteries currently show the optimal balance of capacity, rate capability, and 

stability with extended cycling.
3
 Despite these advantages, however, Li-ion batteries still have 

significant rate limitations, especially with the high mass loadings used in commercial cells.
4,5

 

During charging, stored charge in the device is balanced by solid-state redox reactions between a 

host material and a Li
+
 electrolyte, and achieving full capacity requires transport of Li

+
 and 

electrons throughout all of the host material in the electrode. Typically, slowed kinetics arise from 

this process, since the diffusion of Li
+
 in the solid state is several orders of magnitude slower than 

than in the liquid electrolyte, even in the best performing host materials.
6
 As such, a fundamental 

understanding of how crystal structure and particle morphology influence both ionic and electronic 

transport is necessary in the search for even better electrode materials.  

 One class of compounds of particular interest as electrodes in Li-ion batteries is the rock 

salt-derived family of materials. The base rock salt structure, which comprises a densely packed 

edge-sharing network of cations and anions extending in three-dimensions, serves as a basis for a 

variety of relevant materials, including several conversion-type anodes,
7-10

 the layered Ni-based 

and disordered rock salt cathodes,
11 - 14

 and spinel LiMn2O4 15
 and Li4Ti5O12. 16

 Accordingly, 

extensive experimental and theoretical work has focused on understanding the details of charge 
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storage in this family. While the dense bonding environment in the rock salt crystal structure 

typically leads to high activation energies for Li
+
 hopping and thus poor ionic diffusion, an 

appropriate balance of weakly repulsive cation species (typically Li
+
) can lower the activation 

energies dramatically.
13,17,18

  For example, in the layered Ni-based cathodes, cations order into 

alternating slabs of smaller (Li
+
) and larger (Ni

3+
, Co

3+
, Mn

3+
, etc.) cations, and this well-defined 

ordering is essential for good ionic transport throughout the structure.
17

 Alternatively, in 

disordered rock salt structures, a large amount of weakly repulsive Li
+
 cations can still provide 

sufficient ionic diffusion, provided that they form a percolating network of hopping pathways in 

the crystal structure.
13,18

 

 Rock salt structures can also be formed electrochemically during initial ion insertion, and 

often remain electrochemically active in subsequent cycles. Most famously, this process occurs 

for V2O5, which undergoes a series of reversible phase transitions at moderate Li
+
 contents (0 < x 

< 1.5), and then transforms irreversibly to a disordered-rock-salt-type ⍵-LixV2O5 phase at deep 

lithiation (2 < x < 3).
19,20

 ⍵-V2O5 has been extensively studied as a potential cathode material 

cycled between 2.0 – 4.0 V vs. Li/Li
+
 (0 < x < 2) due to its excellent rate capability when 

nanostructured, especially in composite structures with conductive carbons.
21-24

 Recently, Liu et. 

al highlighted that ⍵-V2O5 could be lithiated significantly further, and the resulting disordered rock 

salt Li3+xV2O5 showed exceptional performance in a voltage region ideal for a fast-charging anode 

material (0.01 – 2.0 V vs. Li/Li
+
).

25
 Importantly, these results firmly establish the potential for 

application of electrochemically-formed disordered rock salt compounds in commercial cells. 

 The electrochemical formation of disordered rock salt structures is not unique to V2O5. 

Previous work has shown this process occurs upon Li
+
 insertion in Li2MoO4,26

 Li2W2O7,27
 and 

TiO2.28,29
 Notably, TiO2 undergoes a similar transformation on Na

+
 insertion.

30
 Most recently,  
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Barnes et al. demonstrated that amorphous films of Nb oxide crystallize into a rock salt phase 

when cycled with Li
+
, unlike in previous cases where crystalline precursor materials were used.

29
 

Broadly, these examples all tend to form at deep lithiation, and produce disordered structures, 

likely since they are synthesized at room temperature. Beyond these trends, however, relatively 

little is known about this wide-ranging class of materials, since they have only recently gained 

greater attention. In particular, there is a clear need for design principles about the role of precursor 

structure and composition in governing the transformation process, the structure of the resulting 

material, and its electrochemical performance. 

 In this work, we characterize the electrochemical formation of a disordered rock salt phase 

from the crystalline compound V9Mo6O40 (VMO). VMO was first reported in 1982, and has seen 

relatively little attention aside from basic characterization of its charge storage performance.
31

-
33

 

While a range of vanadium molybdenum oxides with lower Mo content form solid-solutions in the 

⍺-V2O5 crystal structure, which consists of layers of edge-sharing pyramids held together by van 

der Waals forces, VMO and the related phase V2MoO834
 make the lowest Mo content structures 

that are not isostructural with ⍺-V2O5. The crystal structure of VMO possess the same edge-sharing 

pyramids that are seen in ⍺-V2O5, but instead of extending infinitely in two-dimensions, they 

alternate with planes of corner-sharing octahedra.
32

 Importantly, this change imparts rigidity into 

the crystal structure, and makes VMO a three-dimensionally-connected tunnel structure instead of 

a layered van der Waals compound. Here, we study the Li
+
 insertion properties of micron-scale 

particles of VMO. Using operando X-ray diffraction, we demonstrate that VMO transforms 

directly into a disordered rock salt structure upon lithiation, in contrast to the multiphase pathway 

seen for ⍺-V2O5. Subsequent cycling in the resulting disordered rock salt VMO shows good rate 

capability and cycling longevity, with clear increases in the phase intensity upon insertion, 
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followed by decrease in intensity and formation of a broad, disordered phase during deinsertion of 

Li
+
. High-resolution transmission electron microscopy shows that the disordered rock salt VMO 

has an unusual microstructure consisting of a collection of highly distorted, loosely coherent 

atomic planes. This data suggests that the increased rigidity in the pristine VMO crystal structure 

relative to ⍺-V2O5 dramatically changes the formation pathway and microstructure of the resulting 

disordered rock salt material, and more broadly highlights the role of precursor structure and 

composition in this family of compounds. 

4.2 Materials and Methods 

4.2.1 Preparation of VMO  

 Micron-scale bulk V9Mo6O40 was prepared through a modified aqueous sol-gel route based 

on freeze-drying. In a typical synthesis, 200 mg NH4VO3 (Sigma-Aldrich) and 200 mg 

(NH4)6Mo7O24•4H2O (Alfa Aesar) was dissolved with stirring in 5 mL deionized water in a 20 mL 

scintillation vial at 85ºC. Once the precursors were fully dissolved, the precursor solution was 

vitrified by dropwise addition to liquid N2, then lyophilized in a custom-built vacuum chamber on 

a Schlenk line for 12 to 24 hours (< 200 mtorr). The resulting dried precursor powder was calcined 

in a muffle furnace in air at 550ºC (30 min ramp, 1 hr. hold). A variety of calcination temperatures 

were found to result in phase pure V9Mo6O40, and this procedure was chosen since it provides a 

balance between moderate particle size and good crystallinity. After calcination and prior to 

electrode fabrication, VMO powders were ground in a mortar and pestle. 

4.2.2 Structural Characterization 

 Scanning electron microscopy (SEM) images and energy dispersive spectroscopy (EDS) 

spectra were obtained using a model JEOL JSM-6700F field emission electron microscope. Imaging 

was conducted with 5 kV accelerating voltage and 6 mm working distance. EDS spectra were taken 
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with 15 kV accelerating voltage and 15 mm working distance. Transmission electron microscopy 

(TEM) was performed using an FEI Technai G
2
 T20 high-resolution EM operating at 200 kV. 

Sample purity was assessed using laboratory X-ray diffraction collected with a PANalytical X’Pert 

Pro diffractometer operating with Cu Kα (λ = 1.5418 Å) using a 0.05° step size, an accelerating 

voltage of 45 kV, and a current of 40 mA. X-ray photoelectron spectroscopy (XPS) analysis was 

performed using a Kratos Axis Ultra DLD with a monochromatic Al K-α radiation source. A 

charge neutralizer filament was used to control charging of the sample, a 20 eV pass energy was 

used with a 0.1 eV step size, and scans were calibrated using the C 1s peak shifted to 284.8 eV. 

The integrated areas of the XPS peaks and atomic ratios were found using CasaXPS software. The 

atomic sensitivity factors used were from the Kratos library within the Casa software. All samples 

were loaded into the instrument without exposure to air. For ex situ characterization of materials 

after cycling, including SEM, TEM, and XPS, electrodes were cycled in coin cells, which were 

subsequently opened inside of a glovebox. The electrodes were then washed multiple times in 

dimethyl carbonate (DMC) and dried under vacuum before sample preparation for the given 

technique.  

4.2.3 Electrochemical testing 

 VMO powders were assembled into composite slurry electrodes for electrochemical testing. 

Electrodes had an overall composition of 80% active material, 5% multiwalled carbon nanotubes, 

5% vapor-grown carbon fibers, and 10% polyvinylidene fluoride (PVDF) binder.  Prior to slurry 

preparation, the dry slurry components and current collector were heated at 100ºC under vacuum 

overnight. The active material was ground with the carbons in a mortar and pestle dry, then a 

PVDF binder solution (2.5 % wt in N-methyl pyrrolidone) was added and mixed to produce a 

homogeneous paste that was cast onto an aluminum current collector with a doctor blade. The 
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electrodes were dried under vacuum at 100ºC overnight. Electrodes with 0.7 mm diameter were 

punched out for electrochemical testing with mass loadings of active material of 1 – 1.5 mg/cm
2
. 

These moderate mass loadings were chosen to study the intrinsic performance of the active 

material, as they allow for reproducible electrode performance with minimal optimization of the 

slurry. High mass loadings, such as those used in most practical devices, lead to rate limitations 

from electrode composition and distribution of active material that require extensive optimization 

to overcome. 

 All electrochemical measurements were conducted in stainless-steel 2032 coin cells (MTI) 

with a stainless-steel conical spring, a 0.5-mm stainless-steel spacer for the anode, a 0.5-mm 

aluminum spacer for the cathode, and a glass microfiber separator (Whatman). The electrolyte was 

1 M LiPF6 in 1:1 ethylene carbonate (EC): dimethyl carbonate (DMC), with ~50 uL of electrolyte 

used per cell. All cycling experiments were performed between 1.5 V and 3.5 V or 4.0 V vs. Li/Li
+
 

on a VMP3 potentiostat/galvanostat (Bio-Logic). For testing purposes, VMO electrodes were 

studied in a half cell configuration versus a Li metal anode. When calculating C-rates, the 

theoretical capacity used was 240 mAh/g, based on the 1 e
-
 Li

+
 insertion reaction into V9Mo6O40 

(1C = 240 mA/g, 5C = 1.20 A/g, etc.).  

4.2.4 Operando Synchrotron X-ray Diffraction 

 All operando synchrotron X-ray diffraction measurements were performed at beamline 11-

ID-C at the Advanced Photon Source at Argonne National Laboratory at 17.0 keV in transmission 

geometry with an area detector. For this experiment, freestanding pellet electrodes of VMO were 

made with 6:1:1:2 mass ratio of VMO:vapor-grown carbon fibers :multiwalled carbon nanotubes: 

PTFE binder. These electrodes were loaded into AMPIX cells in an argon glovebox with Li metal 

counter electrodes, glass fiber separators, and electrolyte (1M LiPF6 in 1:1 EC:DMC). All two-
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dimensional SXRD data was calibrated with a LaB6 external standard and integrated into one-

dimensional diffraction patterns using GSAS-II.
35

 Background subtraction was performed on 

diffraction data to remove scattering from the electrolyte. Crystal structures were visualized with 

the VESTA software package.
36

 

4.3 Results and Discussion 

4.3.1 Synthesis and structure of V9Mo6O40 

 The crystal structure of V9Mo6O40 consists of alternating planes of edge-sharing pyramids 

and corner sharing octahedra along the a axis, and these planes extend infinitely in the b axis 

direction (Figure 1A, middle).
32

 The corner sharing octahedra also connect parallel to the c axis, 

while the pyramids repeat without connecting along that direction. V9Mo6O40 is near the middle 

composition of the fully oxidized V-Mo oxides, of which the binary oxides ⍺-V2O5 and ⍺-MoO3 

are end members (Figure 1A). Both 

⍺-V2O5 and ⍺-MoO3 are layered van 

der Waals compounds, although the 

different size, charge, and preferred 

coordination number of V
5+

 and 

Mo
6+

 lead them to have different 

arrangements within this structure 

type. Whereas ⍺-V2O5 layers are 

made of edge-sharing square 

pyramid dimers that corner share 

with alternating orientation along the 

layer direction,
37

 ⍺-MoO3 consists of 

Figure 1. A) Structure space of the fully oxidized V-Mo 

oxides, with the crystal structures of V9Mo6O40 (middle) 

and the two end members ⍺-V2O5 (left) and ⍺-MoO3 
(right) highlighted. The dashed boxes indicate edge-

sharing pyramid dimers, a structural feature shared by ⍺-

V2O5 and V9Mo6O40. B) Powder X-ray diffraction pattern 

and C) scanning electron micrograph of the bulk 

V9Mo6O40 in this study. 
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a bilayer network of edge-sharing octahedra, with bilayers separated by the van der Waals gap.
38,39

 

⍺-V2O5 shows an extended solid solution region where V2-xMoxO5 is stable (0 ≤ x ≤ 0.6) with only 

minor changes in structure.
40

 For example, in V2-xMoxO5, Mo
5+ can exist to better fit within the 

structure with a more similar stable coordination environment to V
5+

. However, by x = 1, the 

greater stability of Mo
6+

 favors the inclusion of corner-sharing octahedra, in which each transition 

metal cation is coordinated by six oxygen atoms, with decreased electrostatic repulsion between 

sites compared to the edge-sharing pyramid dimers in ⍺-V2O5. This transition leads to the middle 

region of the phase diagram, which includes V9Mo6O40 (VMO), the focus of this study, and the 

isostructural V2MoO8. Importantly, the three-dimensional connectivity of the planes of corner-

sharing octahedra makes VMO a tunnel structure without a van der Waals gap, although the 

structure is still anisotropic due to the presence of edge-sharing pyramid dimer units. 

 We synthesized micron-scale powders of VMO through a modified sol-gel-type method 

based on freeze-drying. In this process, aqueous solutions of NH4VO3 and (NH4)6Mo7O24 

precursors were vitrified in liquid N2 and dried through sublimation on a Schlenk line. The 

resulting dried V-Mo precursor powder was then calcined in air at 550ºC to crystallize VMO. We 

note that freeze-drying is a well-established route to powders with high surface area and porosity, 

and, here, helps to improve purity by preventing the precipitation of NH4VO3, which often occurs 

with traditional sol-gel synthesis.
41-44

 Powder X-ray diffraction on as-synthesized powders shows 

formation of the VMO phase with greater than 99% purity, confirming the benefits of our approach 

(Figure 1B). Scanning electron microscopy (SEM) characterization of the VMO shows 

anisotropic particles with a distribution of sizes and shapes (Figure 1C). Most commonly observed 

is a bar-shape morphology, where particles are about 2 – 10 microns long, 1 – 2 microns wide, and 

only about 100 – 500 nm deep, which clearly indicates a preferred axis of growth for VMO 
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crystals. These bar-like particles often possess L-shaped bends, which presumably form where two 

sections of crystal extend in different directions within the same particle. Additional SEM 

characterization of the pristine VMO is available in Figure S1 of the Supporting Information. 

4.3.2 Electrochemistry of V9Mo6O40 

 To evaluate the electrochemical behavior of VMO when cycled with Li
+
, these VMO 

powders were assembled into composite electrodes with conductive carbon and binder and tested 

in half-cell configuration in coin cells. For galvanostatic cycling experiments, we calculated a 

theoretical capacity of 240 mAh/g for VMO, which assumes the insertion of 1 Li
+
 per transition 

metal (T.M.) in the VMO structure. All C-rates used were based on this capacity (1C = 0.24 A/g, 

5C = 1.2 A/g, etc.). 

 Initial charge storage in VMO occurs through a sloping profile with a few small features 

until about 0.5 Li
+
/T.M. inserted, where a large plateau occurs (Figure 2A). This plateau 

encompasses a considerable range of stoichiometry (about 0.9 Li
+
/T.M.), and corresponds to the 

transformation to a disordered rock salt phase, as we show later. After the plateau completes, little 

additional charge storage is observed until the voltage cutoff at 1.5 V.  On delithiation, and during 

subsequent cycles, charge storage occurs through a highly sloped profile without recurrence of the 

plateau seen during the first lithiation. During the first delithiation, more than 1 Li
+
/T.M. is 

deinserted (255 mAh/g), but this capacity is not fully sustained in subsequent cycles, during which 

a moderate capacity of about 0.75 – 0.85 Li
+
/T.M., or 180 – 200 mAh/g, is reversibly achieved. 

Galvanostatic rate testing was performed to evaluate the rate capability of the VMO electrodes 

within two different voltage windows, 1.5 – 4.0 V vs. Li/Li
+
 and 1.5 – 3.5 V vs. Li/Li

+ 
(Figure 

2B). VMO shows good retention of its capacity at high rates, despite the relatively large size of 

the particles tested. For the 1.5 – 4.0 V window, nearly 150 mAh/g (0.63 Li
+
/T.M.), or about 75%  
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of the slow rate capacity, is stored at 5C, 

while at 20C, 95 mAh/g (0.40 

Li
+
/T.M.), or about 48% of slow rate 

capacity is accessed. At 60C, which 

corresponds to less than a 1-minute full 

charge or discharge, a respectable 

capacity of 48 mAh/g (0.2 Li
+
/T.M.) or 

about 25% of the slow rate capacity is 

obtained. At these higher rates, the 

sloping GV profile is maintained 

(Figure S2). When the narrower 

window is used (1.5 V – 3.5 V vs. 

Li/Li
+
), similar performance is 

observed at slow and moderate rates, 

with a greater difference at the highest 

rates tested. For example, at 5C and 

20C, 140 mAh/g and 77 mAh/g are 

stored, but at 60C, the narrower voltage 

window leads to greater losses from 

polarization, and only about 14 mAh/g 

is retained. Overall, this charge storage 

performance demonstrates fast kinetics 

 

Figure 2. Electrochemical performance of VMO. A) 
Galvanostatic charge storage profiles of VMO 

electrodes for the first three cycles. During the first 

lithiation, the material undergoes an irreversible 

transformation to a disordered rock salt phase, as shown 

by the large plateau. B) Galvanostatic cycling 

performance of VMO electrodes at different rates. C) 
Long term galvanostatic cycling at 10C. D) Cyclic 

voltammetry of VMO electrodes at different rates. E) 
Variation of the peak current of the main redox peak as 

a function of scan rate on a logarithm scale. The near-

linear dependence suggests a pseudocapacitive charge 

storage mechanism. 
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in relatively large particles of VMO, and even better performance can likely be achieved with 

optimization of particle shape and size, as has been done extensively with V2O5.23
 

 To assess the reversibility and stability of charge storage processes in VMO electrodes, 

long term galvanostatic cycling was performed over 500 cycles at 10C (Figure 2C). In the 

narrower voltage window up to 3.5 V vs. Li/Li
+
, VMO shows good retention of its capacity, with 

77% of its initial capacity maintained after 500 cycles. In many bulk battery materials, Li
+
 insertion 

is accompanied by first-order phase transitions, which decrease cycle life considerably due to 

repeated discontinuous changes in volume. VMO, on the other hand, shows a sloping galvanostatic 

charge storage profile, which suggests the absence of a first-order phase transition, and is likely 

the reason for comparatively better capacity retention. When the voltage window is expanded up 

to 4.0 V vs. Li/Li
+
, the improved cycling kinetics are accompanied by a tradeoff in stability, since 

in this window VMO shows a considerably lower capacity retention of 61% after 500 cycles. 

Notably, the galvanostatic profile remains sloping and shows no change in shape over the extended 

cycling, regardless of voltage window (Figure S3). 

 Cyclic voltammetry for sweep rates from 0.1 mV/s to 1.0 mV/s was also performed on 

VMO electrodes after they had undergone precycling (Figure 2D). The cyclic voltammogram for 

VMO shows a single broad redox peak centered around 2.2 V for the anodic sweep and 2.4 V for 

the cathodic sweep. Additionally, an even broader shoulder feature is seen for the higher voltage 

region (> 2.5 V). The broad signatures of redox seen here for VMO are unlike those for most bulk 

battery materials, which typically show sharp peaks in cyclic voltammetry. This behavior can be 

attributed to the disordered structure of the electrochemically-formed rock salt VMO, which we 

characterize later. To further characterize the charge storage behavior of VMO, we analyzed the 
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cyclic voltammograms using the power-law dependence of each peak current (ipeak) as the sweep 

rate (v) is varied according to the following equation: 

 

where a and b are constants. The value of b, determined by fitting the slope of log(ipeak) versus 

log(ν), indicates whether the reaction is diffusion-limited (b = 0.5) or capacitive (b = 1.0) (Figure 

2E).
2,4, 45

 Intermediate values correspond to diffusion behavior that is between semi-infinite 

diffusion and purely capacitive surface reactions. This analysis has been used frequently in the 

literature to distinguish diffusion-controlled or “battery-like” and pseudocapacitive redox 

reactions, which appear capacitive due to fast Li
+
 diffusion and the absence of large first-order 

phase transitions.
4,46-48

 The value of b at the main redox peak of VMO is 0.94 and 0.93 for the 

anodic and cathodic sweep, respectively, which suggests a highly capacitive charge storage 

process, despite the relatively large particle sizes studied here. This result is likely due to the 

absence of a first-order phase transition during Li
+
 insertion in VMO, along with its fast charge 

storage kinetics.  

4.3.3 The electrochemical formation of disordered rock salt ⍵-VMO 

 To characterize the transformation of VMO during its 1
st
 lithiation, we performed operando 

synchrotron X-ray diffraction (SXRD) at beamline 11-ID-C at the Advanced Photon Source. In 

this experiment, the active material is assembled with conductive carbon and binder into 

freestanding pellets, which are cycled in AMPIX cells at a C/5 rate.
49

 The operando SXRD data 

from Q = 1 – 5 Å
-1

 is shown in Figure 3A along with the galvanostatic cycling profile during the 

experiment. The pristine VMO starts out with small shifts of the peaks during the initial sloping 

region, which suggest some expansion of the lattice with minor lithiation. As the plateau begins, 

shifting stops and instead a steady decrease in the intensity of the starting VMO phase is observed  

ipeak = avb 
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as its transforms into a different structure. Two broad peaks emerge at 3.1 Å
-1

 and 4.3 Å
-1 

by the 

middle of the plateau and continue to increase in intensity until the end of the cycle, by which the 

initial VMO phase has completely disappeared. These peaks are characteristic of a rock salt phase, 

which we denote here as ⍵-VMO, after the convention used for V2O5. During delithiation, the 

rock salt phase remains and its peaks do not shift, although they do decrease in intensity. Selected 

diffraction patterns are highlighted in Figure 3B, along with a schematic of the transformation in 

Figure 3C. The highly crystalline pristine VMO shows minor shifts in structure during its initial 

lithiation, but by 0.5 Li
+
/T.M. inserted it begins to undergo a transformation to a rock salt phase 

with broad peaks that indicate disorder. During delithiation, this rock salt phase remains, which 

 

Figure 3. Transformation of VMO to a disordered rock salt phase during its first cycle. A) 
Operando X-ray diffraction data on VMO plotted alongside the galvanostatic profile during the 

first cycle. The pristine VMO transforms during the first lithiation into a disordered rock salt 

phase. B) Selected patterns from the data in A) showing the pristine VMO and the disordered rock 

salt phase after the 1
st
 lithiation and delithiation. C) Schematic of the transformation. 
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shows that the change in structure is irreversible, though there is some decrease in intensity of the 

rock salt phase, which we will examine more closely later. 

 As we discussed previously, ⍺-V2O5, which shares the edge sharing pyramid structural 

motif with VMO, also transforms into a disordered rock salt phase at deep lithiation. However, 

prior to becoming the rock salt phase, ⍺-V2O5 goes through three additional discrete structural 

phase transformations involving puckering of the layers to better coordinate the inserted Li
+
.
20,25

 

VMO, on the other hand, shows minimal change in structure before it directly transitions to the 

rock salt phase. We hypothesize that this change in pathway originates from the additional rigidity 

imparted by the planes of corner sharing octahedra in the VMO crystal structure. Whereas the edge 

sharing pyramid dimers can distort relatively freely in V2O5, their connection to the octahedra in 

VMO pins their movement and prevents significant distortion until the full-scale transformation 

of the crystal structure to the rock salt phase. 

 We further characterized the disordered rock salt VMO using electron microscopy to 

analyze how the dramatic change in atomic-scale crystal structure affects the morphology and 

microstructure of the material. Particles with the bar-like morphology seen for pristine VMO 

(Figure 4A,4B) were readily observed throughout a cycled VMO electrode that had transformed 

to the rock salt phase (Figure 4E, Figure S4).  Although there was some evidence of cracks 

forming, this data indicates that the particle morphology is largely preserved through the structural 

transition during cycling. Additionally, energy-dispersive spectroscopy (EDS) on the cycled 

electrode confirmed the presence of V and Mo (Figure S5). To characterize the microstructure of 

disordered rock salt VMO, we performed high resolution transmission electron microscopy 

(HRTEM) on particles from a VMO electrode cycled through the first delithiation. Unlike the 

rigid, crystalline planes seen for pristine VMO (Figure 4C), the cycled VMO showed a collection  
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of kinked, highly distorted planes of atoms that loosely cohered together (Figure 4G). This highly 

distorted “lattice” extends throughout the entirety of individual particles (Figure 4F), and we 

confirmed its rock salt atomic-scale crystal structure with selected area electron diffraction (Figure 

S6).  

 To our knowledge, the unusual distorted microstructure of rock salt VMO is unique among 

the family of electrochemically formed rock salt materials, and may result from its more direct 

formation pathway. We hypothesize, for example, that the structural rigidity in the pristine VMO 

crystal structure that likely leads to its direct transformation to the rock salt structure, imposes 

strain in the microstructure of the material during the process. As a result, the material partially 

fragments along specific crystal axes to alleviate the strain, leading to the lamellar morphology of 

Figure 4. Characterization of the disordered rock salt VMO. Electron microscopy of the  A) – 

C) pristine VMO and D) – E) delithiated disordered rock salt VMO. The morphology is retained 

after transformation, but the cycled VMO shows an unusual microstructure consisting of highly 

distorted planes of atoms. 
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the distorted microstructure lattice. While the disorder in the rock salt VMO prevented us from 

obtaining sufficient resolution to see individual crystallites in the material, it is clear based on the 

size of individual lamellae (< 1 nm), that the crystal domains are very small, at least along one 

axis. The resulting material has nanoscale crystal domains within a dense micron-scale particle. 

The small crystallite size is responsible for the sloping galvanostatic profile and highly capacitive 

electrochemical kinetics of the ⍵-VMO that was shown earlier. 

4.3.4 The charge storage mechanism in disordered rock salt VMO  

 To investigate the mechanism for charge storage in the disordered rock salt VMO, we 

performed operando SXRD during the second lithiation-delithiation cycle, after the material had 

already transformed into the disordered rock salt phase. The operando SXRD data is shown in 

 

Figure 5. Structural change during cycling of disordered rock salt VMO. A) Operando X-ray 

diffraction data on VMO plotted alongside the galvanostatic profile during the second cycle. For 

clarity, data is shown for the two most intense lattice planes of the phase. B) Selected patterns 

from the data in A). When delithiated, the rock salt phase decreases in intensity, and a broad feature 

appears between Q = 1.8 – 2.5 Å
-1

. 
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Figure 5A for the (200) and (220) regions, the two most intense reflections of the phase, along 

with the galvanostatic cycling profile. As the lithiation proceeds, no shifting of either peak is  

observed, but a clear increase in the intensity of the phase is observed. During delithiation, the 

intensity decreases back to a similar level as at the beginning of the cycle. Selected diffraction 

patterns at the beginning, middle, and end of the lithiation-delithiation cycled are highlighted in 

Figure 5B. The increase in intensity of the rock salt VMO as it is lithiated is clearly shown. The 

individual line plots in the delithiation also provide evidence for the decreasing intensity seen 

during delithiation: in either delithiated pattern, a very broad scattering feature from Q = 1.5 – 2.5 

Å
-1

 appears, and then disappears during lithiation. This data suggests that removal of Li
+
 from the 

rock salt VMO produces an even more disordered phase. While the low intensity precludes 

identification of the phase by diffraction alone, similar behavior has been shown for rock salt V2O5. 

A pair distribution function analysis by Christensen et al. identified the delithiated phase as a 

highly disordered analogue of β-LixV2O5, which consists of 2x2 chains of edge-sharing distorted 

octahedra that are connected by corner sharing with edge-sharing pyramid dimers.
50

 This phase 

exists over a narrow compositional range (0.22 < x < 0.37), and is favored electrostatically at low 

Li
+
 content since the rock salt structure is too densely packed for the highly charged transition 

metal cations in the delithiated state (V
5+

 in the case of V2O5). Importantly, the β-LixV2O5 showed 

a short crystalline coherence length of 10 – 15 Å, which is consistent with the very broad nature 

of the peak in diffraction seen here and the feature size in our HRTEM data. While we cannot 

verify the identity of the phase for VMO, a number of parallels in behavior are shown for V2O5, 

including the reversible change in intensity of the rock salt phase during cycling, which suggest 

that the atomic-scale processes for Li
+
 insertion and deinsertion are similar for these two disordered 

rock salt phases.  
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 To characterize the changes in 

oxidation state of V and Mo during 

cycling, we carried out ex situ X-ray 

photoelectron spectroscopy (XPS, 

Figure 6, Figure S7). For these 

experiments, VMO electrodes were 

cycled to the desired point, removed 

from the cell, washed, and dried, then 

transferred to the instrument for data 

collection. The removal and cleaning 

process was done in an Ar glovebox 

and the transfer to the instrument was 

conducted without exposure to air to 

prevent oxidation or other degradation of the cycled electrode. For the pristine VMO, only V
5+

 and 

Mo
6+

 are present, as expected. At the end of the 1
st
 lithiation, when the disordered rock salt VMO 

has formed and is fully lithiated, both V and Mo exist in partially reduced states, with large 

amounts of V
4+

 and Mo
5+

 and some doubly reduced V
3+

 and Mo
4+

.
51,52

 At the 1
st
 delithiation, when 

the rock salt phase is delithiated, the doubly reduced species disappear, but significant amounts of 

V
4+

 and Mo
5+

 remain alongside fully oxidized V
5+

 and Mo
6+

. The presence of reduced species after 

delithiation suggests that some Li
+
 remains in the lattice as a structural component of the rock salt 

phase, as has been seen in other electrochemically formed rock salt materials.
25,29

 When the rock 

salt phase is lithiated, the doubly reduced V
3+

 and Mo
4+

 return to a similar, though slightly lesser, 

extent, confirming the reversibility of cycling both elements in the rock salt structure. The results 

 

Figure 6. Redox activity of VMO. Ex situ X-ray 

photoelectron spectroscopy on VMO electrodes cycled 

to different points highlighting the A) V 2p region and 

B) Mo 3d region. Both elements begin in their fully 

oxidized state, and become reduced during lithiation. 

The delithiated disordered rock salt shows some 

remnant reduced species, suggesting that some Li
+
 

remains in the material after the first lithiation. 

Pristine

1st Lith. 
(1.5 V)

1st Delith. 
(3.5 V)

2nd Lith. 
(1.5 V)

Mo 3d region Mo6+
Mo5+
Mo4+

V 2p region V5+
V4+
V3+Pristine

1st Lith. (1.5 V)

1st Delith. (3.5 V)

2nd Lith. (1.5 V)

A) B)
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of the XPS data are quantified in Table 1. While the XPS technique is fully quantitative, only the 

near-surface region of the sample is probed, so the oxidation states in general are more oxidized 

than would be expected by the electrochemistry.  

 

 

4.4 Conclusion 

 Using a combination of operando X-ray diffraction, microscopy, and XPS, we have 

characterized the electrochemical formation and reversible cycling of a disordered rock salt phase 

from a V9Mo6O40 precursor. Unlike the well-known example of ⍵-V2O5, VMO transforms directly 

into its rock salt structure during the first cycle without any intermediate phases. Additionally, we 

showed an unusual microstructure in rock salt VMO that consists of highly distorted nanoscale 

lamellae arranged in a loosely coherent lattice. We hypothesize that these features are due to the 

increased structural rigidity in the VMO lattice relative to ⍺-V2O5. Overall, this work provides 

insight into the role of precursor structure in electrochemically formed disordered rock salt phases. 

Table 1. Quantitative summary of the X-ray photoelectron spectroscopy data. 

 

expected V+x expected Mo+x

 (electrochem.) (electrochem.)

Pristine 100 0 0 5.0 5.0 100 0 0 6.0 6.0

1st Lithiation (1.5 V) 45 24 31 4.1 3.7 25 55 21 5.0 4.7

1st Delithiation (3.5 V) 59 46 0 4.6 4.7 54 46 0 5.5 5.7

2nd Lithiation (1.5 V) 41 32 27 4.1 3.8 20 63 16 5.0 4.8

average Mo+x

V 2p  region Mo 3d  region

average V+x% V5+ % V4+ % V3+ % Mo6+ % Mo5+ % Mo4+
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CHAPTER 5 

Fast-Charging Disordered Rock Salt Li-Ion Electrodes from Nanoporous V9Mo6O40 

5.1 Introduction  

 Electrochemical energy storage is an essential component of many important technologies, 

including personal electronics, electric vehicles, and grid scale storage, and further improvements 

to energy and power density are necessary to decrease our society's reliance on fossil fuels.
1-4 

Insertion-based Li-ion batteries, which rely on reversible redox reactions between host materials 

and a Li-ion electrolyte, remain the most widely used electrochemical energy storage technology.
3
 

Despite their widespread use, traditional Li-ion batteries using micron-scale host particles show 

relatively low power density, especially with the high mass loadings used in commercial cells.
5
 In 

these devices, achieving full capacity requires transport of Li
+
 and electrons throughout the entire 

electrode, which can lead to sluggish kinetics since the diffusion of Li
+
 through solid particles is 

an intrinsically slow process.
6
 To circumvent these rate limitations, nanoscale active materials, 

which have short solid-state diffusion lengths for Li
+
, have been utilized to realize much greater 

power densities while maintaining similar battery-like energy density.
7 - 14

 Additionally, the 

shortened Li
+
 diffusion time and the size-dependent suppression of phase transitions in nanoscale 

battery materials has often been linked to the progression from a diffusion-limited to a 

pseudocapacitive charge storage mechanism.
15-19,20

 These effects have been employed broadly to 

achieve fast-charging Li-ion electrodes across a range of host materials.  

 One emerging class of Li-ion electrode materials are the electrochemically-formed 

disordered rock salts (DRS), which typically begin as open-framework crystal structures that 

rearrange into a densely packed rock salt phase upon lithiation. The most well-known of these 

materials is ⍺-V2O5, which transforms irreversibly into a DRS ⍵-LixV2O5 phase at deep lithiation 
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(2 < x < 3), and has been studied for decades as a potential cathode material.
21-27

 Recent work, 

however, has renewed interest in this class of materials. Most notably, Liu et. al demonstrated that 

⍵-V2O5 could be lithiated significantly further, and the resulting DRS Li3+xV2O5 showed 

exceptional performance in a voltage region ideal for a fast-charging anode material (0.01 – 2.0 V 

vs. Li/Li
+
).

28
 Additionally, other reports have considerably broadened the scope of materials that 

form DRS compounds electrochemically, including Li2MoO4,29
 Li2W2O7,30

 TiO2,31-33
 anodized 

Nb oxide,
32

 and others. Given the wide range of phases that form DRS structures, there is an 

ongoing need to better understand how different precursors materials affect the composition, 

structure, and electrochemical properties in the resulting DRS phase. 

 We recently reported and characterized the electrochemical formation of a DRS phase from 

micron-scale particles of the crystalline compound V9Mo6O40 (VMO).
34-36

 VMO and the related 

phase V2MoO837
 represent the lowest Mo content vanadium molybdenum oxides that are not 

isostructural with ⍺-V2O5, a van der Waals compounds that consists of layers of edge-sharing 

pyramids. VMO's crystal structure also possesses similar edge-sharing pyramidal units, but instead 

of extending infinitely, they alternate with planes of corner-sharing octahedra. The latter impart 

rigidity into VMO's crystal structure, and cause it to undergo a single-step transformation pathway 

to the DRS phase, in contrast to the multiphase pathway seen for ⍺-V2O5. The resulting DRS ⍵-

VMO showed good rate capability, with sloping voltage profiles and a highly capacitive charge 

storage mechanism, despite the micron-scale particles of the starting VMO.  

 In this work, we report the synthesis and electrochemical performance of fast-charging 

nanoporous VMO with optimized diffusion distances for Li
+
. Using a solution-based synthetic 

method in combination with polymer-templating, we developed a route to introduce nanoscale 

porosity while maintaining good crystallinity in the parent material. The resulting nanoporous 
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VMO is comprised of nanoscale crystallites fused into a porous, electrically interconnected 

backbone to ensure good Li
+
 and electron transport throughout the electrode. Compared to bulk 

VMO, which already shows good rate capability, the nanoporous VMO shows even better kinetics, 

which we characterize through electrochemical polarization analyses. 

5.2 Materials and Methods 

5.2.1 Materials preparation. 

 Nanoporous V9Mo6O40 was prepared through a modified aqueous sol-gel route based on 

freeze-drying in combination with polymer templating. In this process, an aqueous solution of 

dissolved Mo precursor is frozen in liquid N2 and dried under vacuum, then subsequently calcined 

to crystallize the material. To produce the nanoporous MoO2 materials, 150 - 200 nm poly(methyl  

methacrylate) (PMMA) colloids of various sizes were mixed with the V and Mo precursors in the 

initial solution in order to template the nanoscale architecture.  

 In a typical synthesis, 100 mg NH4VO3 (Sigma-Aldrich) and 100 mg (NH4)6Mo7O24•4H2O 

(Alfa Aesar) were dissolved with stirring in 2 mL deionized water in a 20 mL scintillation vial at 

85ºC with stirring. Once the precursors were fully dissolved, the solution was allowed to cool, and 

2 - 4 mL of 150 - 200 nm solution were added (depending on the density of colloids in solution) 

to obtain a 1:0.5 mass ratio of T.M. precursor:colloid. The synthesis of PMMA colloids is 

described below. After the V/Mo precursor-polymer colloid solution was mixed thoroughly, it was 

frozen by dropwise addition to liquid N2 and lyophilized on a Schlenk line for 12 to 24 hours (< 

200 mtorr). The dried V/Mo precursor-polymer composite powder was calcined in two separate 

steps: first, at 550ºC in flowing Ar for 1 hour, then subsequently at 400ºC in static air for 12 hours. 

This two-heating-step process was found to show the best retention of the nanoscale architecture. 

The first step crystallizes the nanoporous inorganic backbone in Ar, where combustion of the 

polymer templates is less facile, and the second converts the material to the correct VMO phase.  
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 Micron-scale bulk V9Mo6O40 was prepared through a similar process without polymer 

templating. In a typical synthesis, 200 mg NH4VO3 (Sigma-Aldrich) and 200 mg 

(NH4)6Mo7O24•4H2O (Alfa Aesar) was dissolved with stirring in 5 mL deionized water in a 20 mL 

scintillation vial at 85ºC with stirring. Once the precursors were fully dissolved, the precursor 

solution was vitrified by dropwise addition to liquid N2, then lyophilized for 12 to 24 hours (< 200 

mtorr). The resulting dried precursor powder was calcined in a muffle furnace in air at 550ºC (30 

min ramp, 1 hr. hold).  

5.2.2 Synthesis of poly(methyl methacrylate) (PMMA) colloids 

 The synthesis of 150 - 200 nm PMMA colloids was adapted from a previous procedure 

described by Wang et al.
38

 Ammonium persulfate (APS) was used as the initiator and ammonium 

lauryl sulfate (ALS) as the surfactant. 0.08 g APS, 0.01 mL ALS, and 165 mL deionized water were 

put into a three-neck round-bottom flask (250 mL) equipped with a magnetic stirrer, a reflux 

condenser, and a thermometer. After the temperature was raised to 75 °C, 10 mL of monomer methyl 

methacrylate (MMA) was added. After monomer addition, the reaction temperature was kept at 80–

85 °C for an hour before cooling. The as-synthesized PMMA colloidal aqueous solutions were 

extracted with hexanes to remove excess monomer. Before use, the mass density of colloids in 

solution was measured by thermogravimetric analysis. 

5.2.3 Structural characterization 

 Scanning electron microscopy (SEM) images were obtained using a ZEISS Supra 40VP field 

emission electron microscope with 5 kV accelerating voltage and 6 mm working distance. 

Scanning/transmission electron microscopy (S/TEM) imaging and STEM-EDS was performed 

using a FEI Titan scanning transmission electron microscope operated at an accelerating voltage 

of 300 kV. This instrument is equipped with Oxford X-MaxTEM 100 N TLE Windowless silicon 

drift detector (SDD) 100 mm 2 EDS and a Gatan Ultrascan 2 K × 2 K charge-coupled device 
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(CCD) camera. STEM-EDS was performed and analyzed using Aztec software. Laboratory X-ray 

diffraction was collected with a PANalytical X’Pert Pro diffractometer operating with Cu Kα (λ = 

1.5418 Å) using a 0.05° step size, an accelerating voltage of 45 kV, and a current of 40 mA. For 

ex situ TEM characterization of materials after cycling, electrodes were cycled in coin cells, which 

were subsequently opened inside of a glovebox. The electrodes were then washed multiple times 

in dimethyl carbonate (DMC) and dried under vacuum before sample preparation for the given 

technique. 

5.2.4 Electrochemical testing 

 All VMO powders were assembled into composite slurry electrodes for electrochemical 

testing. Electrodes had an overall composition of 80% active material, 2% multiwalled carbon 

nanotubes (CNT), 8% Super P carbon black, and 10% polyvinylidene fluoride (PVDF) binder. The 

CNT and PVDF components were added as a commercially available pre-dispersed ink mixture 

(0.75% CNT, 2.0 % PVDF in N-methyl pyrrolidone, NMP). Prior to slurry preparation, the dry 

slurry components and current collector were heated at 100ºC under vacuum overnight. The active 

material was ground with carbon black in a mortar and pestle dry, then the CNT-PVDF ink and 

several drops of NMP were added and mixed to produce a homogeneous paste that was cast onto 

a carbon-coated aluminum current collector with a doctor blade. The tapes were dried under 

vacuum at 100ºC overnight. Electrodes with 0.7 mm diameter were punched out for 

electrochemical testing with mass loadings of active material of 1 – 1.5 mg/cm
2
. These moderate 

mass loadings were chosen to study the intrinsic performance of the active material, as they allow 

for reproducible electrode performance with minimal optimization of the slurry. High mass 

loadings, such as those used in most practical devices, lead to rate limitations from electrode 

composition and distribution of active material that require extensive optimization to overcome. 
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 All electrochemical measurements were conducted in stainless-steel 2032 coin cells (MTI) 

with a stainless-steel conical spring, a 0.5-mm stainless-steel spacer for the anode, a 0.5-mm 

aluminum spacer for the cathode, and a glass microfiber separator (Whatman). The electrolyte was 

1 M LiPF6 in 1:1 ethylene carbonate (EC): dimethyl carbonate (DMC), with ~50 uL of electrolyte 

used per cell. All cycling experiments were performed between 1.5 V and 3.5 V vs. Li/Li
+
 on a 

VMP3 potentiostat/galvanostat (Bio-Logic). For testing purposes, VMO electrodes were studied 

in a half cell configuration versus a Li metal anode. When calculating C-rates, the theoretical 

capacity used was 240 mAh/g, based on the 1 e
-
 Li

+
 insertion reaction into V9Mo6O40 (1C = 240 

mA/g, 5C = 1.20 A/g, etc.). 

5.2.5 Operando synchrotron X-ray diffraction 

All operando synchrotron X-ray diffraction measurements were performed at beamline 11-

ID-C at the Advanced Photon Source at Argonne National Laboratory at 105.7 keV in transmission 

geometry with an area detector. For this experiment, freestanding pellet electrodes of VMO were 

made with 6:1:1:2 mass ratio of VMO:vapor-grown carbon fibers :multiwalled carbon nanotubes: 

PTFE binder. These electrodes were loaded into AMPIX cells in an argon glovebox with lithium 

metal counter electrodes, glass fiber separators, and electrolyte (1M LiPF6 in 1:1 EC:DMC). All 

two-dimensional SXRD data was calibrated with a LaB6 external standard and integrated into one-

dimensional diffraction patterns using GSAS-II.
39

 Background subtraction was performed on 

diffraction data to remove scattering from the electrolyte. Crystal structures were visualized with 

the VESTA software package.
40

 

 

5.3 Results and Discussion 
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 We synthesized nanoporous powders of VMO through a modified sol-gel type method 

based on freeze drying in combination with polymer templating.
41,42

 In this process, aqueous 

solutions of NH4VO3 and (NH4)6Mo7O24 precursors mixed with 150 - 200 nm poly(methyl) 

methacrylate (PMMA) colloids were vitrified in liquid N2 and dried through sublimation on 

Schlenk line. The resulting dried V-Mo precursor powder was then calcined in argon at 550ºC to 

crystallize the nanoporous backbone, followed by a lower temperature conversion to VMO by 

heating in air at 400ºC. This two-step calcination process provides optimal retention of the 

nanoscale architecture compared to direct crystallization of VMO in air, which results in to 

considerable rearrangement. Scanning electron microscopy (SEM) characterization of the 

nanoporous VMO shows micron-scale powder particles with nanoscale pore wall thicknesses 

(Figure 1a). The pore walls are comprised of nanoscale VMO crystallites fused together into a 

continuous backbone. Powder X-ray diffraction on as-synthesized powders confirms formation of 

the VMO phase with varied peak intensities compared to micron-scale bulk VMO (Figure 1b). In 

particular, the (001) reflection at 21 degrees shows considerably higher intensity for the bulk VMO 

powder than the nanoporous VMO, likely due to preferred orientation effects from the bar-like 

Figure 1. a) SEM micrograph of nanoporous VMO, showing the nanoscale porosity within 

micron-scale powder particles. b) Powder XRD pattern confirming phase purity and 

demonstrating decreased preferential orientation of nanoporous VMO compared to bulk VMO. c) 
N2 porosimetry isotherm of nanoporous VMO, showing the moderate surface area. 
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bulk particle morphology. The porous structure of nanoporous VMO was characterized by N2 

porosity (Figure 1c). The isotherm was type IV according to the IUPAC classification, indicating 

that the porous network consists of macropores that were not completely filled with moderate 

surface area of 11cm
2
/g for the optimized nanoporous VMO.

43
  

 We further characterized the structure of nanoporous VMO using scanning/transmission 

electron microscopy (S/TEM). Figures 2a - 2c show high resolution TEM micrographs of 

nanoporous VMO. At low magnifications, the micron-scale powder can be seen with nanoscale 

porosity. Bar-shaped crystallites, similar to those seen for bulk VMO but smaller, form the 

interconnected backbone of the pore network. At higher magnification, the lattice structure of a 

pore wall is resolved. The lattice encompasses an entire bar-like grain of the pore wall, confirming 

Figure 2. a) – c) High resolution TEM imaging of nanoporous VMO. At low magnification, the 

nanoscale porosity is shown for a micron-scale powder particle. At high magnification, the VMO 

lattice is shown within individual grains. Inset shows the Fast Fourier Transform of c). d) – f) 

STEM-EDS mapping of nanoporous VMO, showing that both V and Mo are distributed 

throughout the nanoscale structure.  
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that each individual grain comprises a single crystallite within the full polycrystalline porous 

network. The grains can likewise be seen with high-angle annular dark field STEM in combination 

with STEM-energy dispersive spectroscopy (EDS) (Figure 2d - 2e). Both V and Mo are 

distributed uniformly throughout the material, confirming the elemental composition of the 

nanoporous VMO material.  

To evaluate the electrochemical performance of nanoporous VMO, powders were 

assembled into composite electrodes with conductive carbon and binder and tested in half-cell 

configuration in coin cells. For galvanostatic cycling experiments, we calculated a theoretical 

capacity of 240 mAh/g for VMO, which assumes the insertion of 1 Li
+
 per transition metal (T.M.) 

in the VMO structure. All C-rates used were based on this capacity (1C = 0.24 A/g, 5C = 1.2 A/g, 

etc.). 

The first lithiation of VMO proceeds through a sloping profile initially, then encompasses 

the transformation to a disordered rock salt structure, as shown by a large plateau observed around 

2.0 V (Figure 3a). Additional lithiation beyond 1 Li
+
/T.M occurs during the first cycle as a result 

of the transformation, as nearly 320 mAh/g (1.3 Li
+
/T.M). is stored. On delithiation and subsequent 

cycles, this plateau does not occur, and instead charge storage occurs through a sloping profile. 

During the first delithiation, 272 mAh/g (1.1 Li
+
/T.M.) is accessed, but this high capacity steadily 

decreases over the first few cycles until about 0.8 - 0.9 Li
+
/T.M., or 190 - 210 mAh/g is stably 

cycled at 1C. Notably, the galvanostatic profile varies between the nanoporous VMO and micron-

scale bulk VMO. Both materials show a pronounced plateau corresponding to the transformation 

to a disordered rock salt structure, but while the plateau begins above 2 V for nanoporous VMO, 

for bulk VMO it starts closer to 1.9 V, indicating significant overpotential, likely due to kinetic 

limitations from transforming large particles. Interestingly, despite these apparent kinetic 
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limitations, the transformation 

actually begins with a lower 

amount of Li
+
 inserted for bulk 

VMO, with about 110 mAh/g of 

capacity in the sloping region 

before the plateau, compared to 

about 140 mAh/g for the 

nanoporous material.  

We further evaluated the 

impact of nanoscale architecture 

by comparing bulk and 

nanoporous VMO during 

galvanostatic rate testing (Figure 

3b). While bulk VMO shows 

good rate capability up to 

moderate rates, the optimized Li
+
 

diffusion in the nanoporous 

VMO leads to excellent capacity 

retention up to 60C. For example, 

at 10C, over 140 mAh/g, or about 

0.6 Li
+
/T.M. is stored for the 

nanoporous material compared to 110 mAh/g (0.45 Li
+
/T.M.) for the bulk. At higher rates, this 

difference becomes more evident, with bulk VMO showing little capacity retention at 60C, the 

Figure 3. Galvanostatic (GV) cycling performance of 
nanoporous VMO. a) GV profile of the first three cycles, 

showing the initial transformation of nanoporous VMO  

compared to bulk VMO, followed by the subsequent sloping 

GV profile of cycling within the disordered rock salt phase. 

b) GV rate performance comparing bulk and nanoporous 

VMO. Rate dependent c) GV profiles and d) differential 

capacity (dQ/dV) analysis of nanoporous VMO for the rates 

in b). e) Long term GV cycling for 500 cyles at 10C. 
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highest rate tested. Nanoporous VMO, on the other hand, can store over 60 mAh/g at 60C. We 

further characterized the rate capability of the nanoporous VMO with the galvanostatic profile and 

differential capacity analysis (dQ/dV) for each rate (Figure 3c,3d). At 1C, charge storage proceeds 

through a sloping galvanostatic profile and broad peak in the dQ/dV centered near 2.3 and 2.4 V 

for the lithiation and delithiation, respectively. At moderate rates, the sloping profile and peak 

shape are retained, but with additional polarization shifting the peak position slightly. At higher 

rates, the polarization leads to greater capacity loss, as the peak is broadened considerably and 

significant amounts of charge storage extend out of the voltage window. This basic pattern is 

reflected for bulk VMO, which also shows sloping profiles and similar peaks in dQ/dV, but which 

has much greater polarization, especially at the highest rates. Finally, we tested the stability of 

nanoporous VMO with long term GV testing at 10C, which showed a moderate capacity retention 

of 68% (Figure 3e). 

To evaluate the electrochemical kinetics of nanoporous VMO further, we performed cyclic 

voltammetry (CV) analyses from 0.1 mV/s to 1.0 mV/s (Figure 4a,4b). After their transformation 

to the disordered rock salt phase during the first lithiation, both materials show the 

characteristically broad redox signatures typically seen for this class and for other disordered 

materials.
32

 We analyzed the CV results using power-law dependence of each peak current (ipeak) 

as the sweep rate (v) is varied according to the following equation:  

 

where a and b are constants. The value of b, determined by fitting the slope of log(ipeak) versus 

log(v), indicates whether the reaction is diffusion-limited (b = 0.5) or capacity (b = 1.0).
4445

 

Intermediate values correspond to diffusion behavior that is between semi-infinite diffusion and 

purely capacitive surface reactions. This analysis has been applied frequently to distinguish  

ipeak = avb 
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diffusion-controlled or "battery-like" and pseudocapacitive redox reactions, which appear 

capacitive due to fast Li
+
 diffusion and the absence of large first-order phase transitions.

5,19
 Despite 

its large particle size, bulk VMO shows a highly capacitive charge storage mechanism, with b 

values of 0.94 and 0.93 for the 

anodic and cathodic sweep, 

respectively (Figure 4c,4d). 

These high values are likely due to 

the absence of a first-order phase 

transition during Li
+
 insertion in 

VMO, as well as the disorder and 

small crystal size characteristic of 

electrochemically-formed 

disordered rock salts. Even still, 

the nanoporous VMO shows even 

higher b values of 1.0 and 0.96 for 

the anodic and cathodic sweep, 

confirming that shorter diffusion 

lengths can make charge storage 

even more capacitive.
46

  

 We also extracted the 

relative polarization of charge storage in VMO as a function of sweep rate by measuring the shift 

in redox peak position from its value at the lowest sweep rate, 0.1 mV/s (Figure 4e,4f). The 

resulting values for relative polarization provide a straightforward quantification of charge storage 

Figure 4. Cyclic voltammetry (CV) and kinetic analyses of 
VMO. CV curves for a) nanoporous and b) bulk VMO for a 

range of sweep rates along with the corresponding c),d) 
power law dependence analysis and e),f) relative polarization 

analysis.  
 

 
 

1.00

0.94

0.93

0.96

Cathodic Anodic

ΔV = Vpeak – Vpeak (0.1 mV/sec)

Cathodic

Anodic

Low polarization on 
anodic sweep

0.1 mV/s
0.2 mV/s
0.3 mV/s
0.4 mV/s
0.5 mV/s

0.75 mV/s
1.0 mV/s

1.0 mV/s (bulk)

Nano VMO Bulk VMO
0.1 mV/s
0.2 mV/s
0.3 mV/s
0.4 mV/s
0.5 mV/s

0.75 mV/s
1.0 mV/s

a) b)

c) d)

e)



106 

 

kinetics. For the cathodic sweep, bulk VMO shows steadily increasing polarization with faster 

sweep rates, with a maximum relative polarization of 154 mV at 1 mV/s. In contrast, nanoporous 

VMO shows lower relative polarization at all sweep rates, with only a 96 mV shift in peak position 

at 1 mV/s. This nearly 40% lower relative polarization compared to bulk VMO highlights the role 

of optimized Li
+
 diffusion from the nanoscale architecture for this material. Notably, both bulk 

and nanoporous VMO show dramatically lower relative polarization for the anodic sweep (3 and 

2 mV, respectively, at 1 mV/s). This difference indicates a delithiation-limited charge storage 

mechanism, likely due to the fact that delithiation from a disordered rock salt leaves highly charged 

transition metals (V
5+

, Mo
6+

) in a densely packed crystal structure.
27

  

 To characterize the impact of nanoscale architecture on electrochemical formation of the 

disordered rock salt structure, we performed operando synchrotron X-ray diffraction (SXRD) at 

beamline 11-ID-C at the Advanced Photon Source. In this experiment, the active material is 

assembled with conductive carbon and binder into freestanding pellets, which are cycled in 

AMPIX cells at a C/5 rate.
47

 The operando SXRD data from Q = 1 – 5 Å
-1

 is shown for the first 

cycle for nanoporous VMO in Figure 5a along with the galvanostatic cycling profile during the 

experiment. During the initial sloping region, peaks undergo small shifts, indicating topotactic 

changes in the lattice from lithiation. Once the plateau begins, the shifting is replaced by a 

continual decrease in the intensity of the starting VMO phase, while peaks corresponding to the 

rock salt phase emerge at 3.1 Å
-1

 and 4.3 A
-1

. This transformation is irreversible, and further 

cycling in the rock salt phase involves small structural change that we characterized in previous 

work on bulk VMO. We summarized the transformation and compared the kinetics between bulk 

and nanoporous VMO by determining the amount of each phase as a function of Li
+
 content 

(Figure 5b). Both materials show a similar trajectory, where the starting VMO decreases in 
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intensity as the rock salt phase 

emerges. However, as we noted 

in the galvanostatic profile data, 

the transformation appears to be 

more facile in nanoporous 

VMO, as it starts earlier, but 

also persists longer. On the other 

hand, bulk VMO shows a 

sharper decrease in intensity of 

its starting phase. These 

observations support and 

explain the more pronounced 

plateau in the GV profile for 

bulk VMO compared to the 

broadened plateau seen for the 

nanoporous VMO.  

 We further characterized the disordered rock salt VMO using HRTEM to visualize how 

the dramatic change in atomic-scale crystal structure affects the microstructure of the material. We 

previously noted that the pristine lattice planes of bulk VMO give way to a highly distorted 

lamellar microstructure after the transformation to a disordered rock salt phase (Figure 6a,6b). 

The stress involved in reforming a highly rigid crystal structure into the new phase, we 

hypothesized, likely caused localized microstructural fragmentation along specific crystal axes to 

alleviate the strain. Notably, this process does not appear to occur for nanoporous VMO, and  

Figure 5. a) Operando synchrotron X-ray diffraction of 

nanoporous VMO during the first cycle, highlighting the 

transformation to a rock salt structure. Peaks from cell 

components are denoted with an asterisk. b) The relative 

amount of pristine versus rock salt phase as a function of 

lithiation for bulk and nanoporous VMO. 
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instead, an apparently pristine 

rock salt lattice is formed (Figure 

6d). This difference in 

microstructure emphasizes that 

nanoscale size is an important 

component that can alter the 

material formed in this class of 

disordered rock salts. 

5.4 Conclusion 

 In conclusion, we synthesized 

fast-charging nanoporous VMO 

through polymer templating. The 

optimized Li
+
 diffusion from the 

nanoscale architecture increased 

charge storage kinetics significantly compared to micron-scale bulk VMO, especially at the highest 

rates tested. These changes in performance were characterized with electrochemical kinetics 

analyses that highlighted the much lower relative polarization in nanoporous VMO. Finally, we 

demonstrated that nanoscale size alters the pathway for transformation in the galvanostatic charge 

storage profile and with operando SXRD, which both showed a more facile process for the 

nanoporous material compared to the bulk. The resulting disordered rock salt from nanoporous 

VMO did not show the fragmented, distorted lamellar microstructure seen for the bulk material. 

Overall, this work emphasizes the key role of optimized nanoscale architecture for fast-charging 

Figure 6. High resolution TEM imaging of a) pristine bulk, 

b) cycled bulk, c) pristine nano, and d) cycled nano VMO. 

The disorted lamellar microstructure that occurs in bulk VMO 

does not appear in nano VMO. Insets show Fast Fourier 

Transforms of the respective micrographs.   
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and shows that precursor size and morphology can be important factors for the electrochemical 

formation of disordered rock salts. 
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CHAPTER 6 

Measuring electronic conduction in Nb-based high-rate anode materials in situ 

 Electrochemical energy storage is an essential technology for the electrification of our 

society, as it plays a key role in enabling electric vehicles, renewable energy sources, and grid-

scale storage systems.
1-4

 In particular, Li-ion devices with both high-power density and high 

energy density promise to facilitate this process with faster recharge times compared to traditional 

Li-ion batteries.
5,6

 Li-ion electrodes store charge through reversible charge transfer reactions with 

a Li-ion electrolyte. During this process, diffusion of Li
+
, transport of electrons, or structural 

changes of the host material can impede the rate of charge storage.
7-10

 Over the past few decades, 

a number of engineering solutions to transport have been implemented, including nanostructuring 

the active material and carbon additives for improved ion and electron mobility.
7,9,11-16

 Recently, 

micron-scale electrode materials with intrinsically fast ion diffusion have demonstrated potential 

for increased volumetric density at the anode in fast-charging cells.
17

 Notably, the family of 

Wadsley-Roth shear phases,
18-23

 including TiNb2O7,24,25
 Nb16W5O55,17

 and PNb9O25,26,27
 as well 

as the bronze-type phases T-Nb2O528,29
 and Nb18W16O93,17

 have all shown high rate capability up 

to large particle sizes, primarily due to the facile ion diffusion within their open-framework crystal 

structures.
17,29,30

  

 Within this class of high performance compounds, a major goal is to establish fundamental 

design rules to link structure and composition to properties and performance. In particular, 

electronic conduction is a key material property for these electrodes, especially since their ionic 

diffusion tends to be so fast. However, accurately quantifying the intrinsic electronic conductivity 

of electrode materials at various points of lithiation remains an ongoing challenge within the 

energy storage community.
24,26, 31 - 35

 Standard contact probe measurement methods are 
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incompatible with most cycling protocols: for example, when using typical electrodes, which are 

composites of active material, conductive carbon, and binder, measurements give a mixed 

conductivity value that primarily reflects the structure of the electrode rather than the intrinsic 

behavior of the active material.
32,33

 Alternatively, pure electrodes can be prepared with no carbon 

or binder and cycled slowly to the desired composition before testing.
24,26

 Due to the need for a 

current collector during cycling, however, the electrodes must be removed and the measurements 

performed ex situ, which introduces error and therefore lowers the attainable accuracy and 

resolution. Moreover, the pure pellets are pressed from powders, but cannot be sintered to improve 

interparticle contact after lithiation, and thus the conductivity measured contains large 

contributions from grain boundaries.
18

 Overall, these challenges have prevented meaningful 

measurements of the intrinsic electronic conductivity of many lithiated electrode materials to date, 

despite the essential role of electronic transport in high rate Li-ion cells. 

 In this work, we develop a platform for in situ contact measurements on thin film electrodes 

without any additives and use it to characterize the insulating to conductive transition in the bronze 

phase materials T-Nb2O5 (Figure 1a) and Nb18W16O93, which we refer to as NWO (Figure 1b). 

Both T-Nb2O5 and NWO have bronze-like crystal structures made of distorted Nb-O (or W-O) 

pentagonal and octahedral units, with different relative amounts and connectivity of the units 

within the structure for the two materials.
17,29,36

 The open framework of the structures provides 

clear channels for facile Li
+
 transport, and both T-Nb2O5 and NWO have been reported to show 

superionic diffusion of Li
+
 within their structure based on pulsed-field gradient NMR 

measurements.
17,29,37

 Accordingly, these materials show high rate capability as intercalation hosts 

for Li
+
. T-Nb2O5 has been studied as an electrode material for decades, and has recently gained 
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even greater interest for its 

exceptional rate capability, 

especially when nanostructured 

and paired with conductive carbon 

in composites.
28,29, 38 - 44

 NWO, on 

the other hand, was originally 

reported in the 1960s but its 

performance in Li-ion cells was not 

demonstrated until recently.
17

 

Notably, NWO shows exceptional 

rate capability with micron-scale 

particles, with no apparent need for 

nanostructuring or carbon 

modification, unlike T-Nb2O5. 

Given the similar ionic diffusion 

rates and structural responses of 

these materials, the differences in 

performance in micron-scale 

particles potentially arises from 

their capabilities for electronic 

conduction.
17,29,41

  

 Like many high-rate anode 

materials, both T-Nb2O5 and NWO 

 
Figure 1. Crystal structures of a) T-Nb2O5 and b) 
Nb18W16O93 

(NWO). Both structures are composed of 

distorted pentagonal and octahedral Nb-O/W-O units. 

Schematic band diagrams for c) pristine and d) lithiated 

T-Nb2O5/NWO. The materials begin as wide-bandgap 

semiconductors or insulators, but become conductive 

with lithiation. Insets show photographs of T-Nb2O5 
powder before and after lithiation. e) Nyquist plot from 

electrochemical impedance spectroscopy (EIS) on T-

Nb2O5 composite electrode and f) representative charge 

transfer resistance of T-Nb2O5 and NWO composite 

electrodes from EIS as a function of voltage. No 

significant change in resistance is observed upon 

delithiation at 3.0 V due to the conductive carbon 

additives in the electrode. 
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as synthesized can be described as wide band-gap semiconductors or insulators, since the bonding 

between transition metals (TM) and oxygen leads to a formally d0
 TM oxidation state with no free 

carriers, as we show schematically in Figure 1c.
45

 These electronic properties are evidenced by 

the white color of the pristine materials (shown for T-Nb2O5, Figure 1c, inset) and supported by 

first-principles calculations on T-Nb2O5 and a variety of similar compounds.
20,24,26,27,46,47

 Upon 

cycling, however, lithiation is expected to n-dope the materials, leading to significantly improved 

conductivity from a dramatic increase in carrier density and possibly a change to a metallic band 

structure (Figure 1d).
18,20,24,26,27,46

 This insulating to conductive transition is essential to these 

materials’ fast charge storage kinetics, since resistive materials cannot conduct the large current 

densities necessary for high rates of cycling. While this transition is widely known to occur, the 

systematic errors associated with current measurement methods have complicated efforts to 

reliably compare different compounds. 

 As an initial test to characterize this change in conductivity, we first turned to standard 

electrochemical impedance spectroscopy (EIS) measurements on composite slurry electrodes of 

micron-scale T-Nb2O5 and NWO at different states-of-charge. For each EIS spectrum, the Nyquist 

plot shows a characteristic semicircle, with the series and charge transfer resistances as the high 

and low frequency intercepts, respectively, along with a low frequency tail to represent ionic 

diffusion (Figure 1e).
48,49

 Here, the charge transfer resistance represents a composite electronic 

resistance of the electrode mixture. Both electrodes show relatively low charge transfer resistances 

of about ~50 and 25 Ω, respectively, indicating relatively facile electron transport. However, the 

charge transfer resistance shows almost no change at different states-of-charge, and even when the 

electrodes are delithiated, there is no evidence of a transition to insulating behavior (Figure 1f). 

Here, the presence of conductive carbon obscures the influence of the active material, since the 
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carbon additives provide conductive pathways even when the active material is highly insulating. 

As a result, the measured charge transfer resistance primarily reflects the resistance of the 

composite network, and no meaningful insight can be gained about the intrinsic conductivity of 

the active material. 

 In this work, we circumvent these errors using a new platform for in situ contact 

measurements on thin film electrodes without any additives. This method is commonly used for 

polymer thin films, but has not been employed successfully for inorganic battery materials.
50-53

 

The overall approach is depicted schematically in Figure 2. In brief, pure thin films of T-Nb2O5 

or NWO are synthesized through a sol-gel process and crystallized using calcination. Then, 

interdigitated microelectrodes (IDEs) are printed onto these films by sputtering gold through a 

shadow mask template. The resulting thin film electrodes can cycle stably without the need for 

carbon or binder additives to allow for precise control over state-of-charge. At the same time, the 

interdigitated electrode provides an in-plane measurement geometry across the film that can be 

accessed in a working electrochemical cell.
50,52

 Using this platform, we demonstrate quantitative 

measurement of the insulating to conductive transition upon lithiation in T-Nb2O5 and NWO. 

 
Figure 2. Schematic of the procedure used in this work for the in situ electrical conductivity 

measurement. Thin films of pure active material are produced by spin coating precursors onto an 

insulating substrate. Once the films are crystallized with calcination, interdigitated electrode (IDE) 

current collectors are deposited by sputtering gold through a shadow mask. Then, the in situ 
conductivity measurement is performed on the thin film in a flooded cell. 

. 

Li+ electrolyte
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While both compounds undergo dramatic changes in their electronic conductivity upon lithiation, 

NWO’s change occurs much more quickly, explaining its improved rate capability in micron-scale 

particles without the need for additional carbon coating. We support these in situ contact 

measurements with magnetic characterization of the materials electronic structure, which confirm 

significantly more delocalization of electrons at low Li
+
 content in NWO than in T-Nb2O5.  

 Thin films of T-Nb2O5 and NWO were synthesized with a sol-gel process by spin coating 

stoichiometric solutions of NbCl5 or both NbCl5 and WCl6 in ethanol. Once deposited, the films 

were calcined at high temperature to crystallize the desired structures. This method produces dense 

polycrystalline films, shown by scanning electron microscopy (SEM) from a top view, with 

uniform thickness across a large area of substrate (Figure 3a, 3b). Both films consist of fused 

crystallites connected in the plane of the film, with moderate grain sizes for NWO, and larger 

grains for T-Nb2O5 due to its more facile crystallization. Powder X-ray diffraction of the films 

confirms formation of T-Nb2O5 and NWO, but shows highly oriented versions of their crystal 

structures, with the (h00) lattice reflections preferentially expressed in intensity (Figure 3c). The 

films are polycrystalline, meaning their conductivity will have some contribution from grain 

boundaries. Unlike pellet electrodes made from powders, however, the films can be readily 

lithiated even after they are calcined at high temperature (800 - 1000 ºC), which fuses grains 

together and mitigates the grain boundaries' effects on conductivity.
18,24

 Overall, these thin films 

provide crystalline active material with a controlled, planar geometry, which will be necessary to 

accurately calculate their intrinsic conductivity from measured values of resistance. 

 In standard electrochemical cycling experiments, films are typically placed onto a metal or 

metallized substrate to serve as a current collector.
38,40

 However, during conductivity 

measurements, these conductive substrates provide a facile path for electron conduction that shorts 
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the measurement and cannot be 

used.
50,52

 Instead, we deposited our 

films onto insulating silicon substrates 

to avoid influence of the substrate on 

the measured resistance. Then, to 

provide a current collector for 

electrochemical cycling and 

conductivity experiments, an 

interdigitated microelectrode (IDE) 

pattern was placed onto each film. The 

upper left portion of a representative 

microelectrode pattern on a T-Nb2O5 

thin film is shown with optical 

microscopy in Figure 3d. As depicted 

schematically in Figure 2, the IDE 

consists of two separate current 

collectors with interlocking digits. 

Based on the desired measurement 

range and capabilities of the fabrication 

approach, we used IDEs with 200 µm 

µm digits with 200 µm gaps in 

between. As shown by the optical micrograph in Figure 3d, the method accurately reproduces these 

dimensions in the current collector, confirming the successful deposition of the IDE pattern. After 

 
Figure 3. Top view scanning electron micrographs of 

calcined a) T-Nb2O5 and b) NWO thin films. The films 

have a dense, polycrystalline morphology. c) Powder X-

ray diffraction on the calcined films confirms the 

formation of oriented versions of the T-Nb2O5 and NWO 

crystal structures. d) Optical micrograph of one section 

of the as-deposited interdigitated electrode (IDE) current 

collector on a T-Nb2O5 thin film. e) Cyclic 

voltammograms of T-Nb2O5 and NWO thin films on 

insulating substrates that are cycled using deposited 

IDEs. 
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the IDE current collector was placed, films were tested with cyclic voltammetry (CV) in a 

conventional Li-ion electrolyte in a flooded cell. Figure 3e shows representative cyclic 

voltammograms of T-Nb2O5 and NWO films cycled at 1 mV/s. The T-Nb2O5 film shows a 

characteristic broad redox peak,
37-39

 while NWO shows a two more pronounced peaks in each 

sweep direction superimposed onto a broad, capacitive current feature.
17

 The CV characteristics 

confirm the ability to cycle these films even on an insulating substrate by using the deposited IDE 

current collector. 

 With the thin film IDE platform successfully developed, we then performed in situ 

electronic conductivity measurements. This technique was adapted based on a method for polymer 

thin films with a similar measurement geometry, but has not yet been implemented with films of 

transition metal oxides or other inorganic active materials.
50-53

 The experiment involves the IDE 

thin film within a standard flooded electrochemical cell with two separate circuits, shown 

schematically in Figure 4a, connected to the film electrode. The first circuit is a three-electrode 

configuration with the thin film as the working electrode and Li metal counter and reference 

electrodes, and is used to potentiostatically control state-of-charge of the film. The second is a 

two-electrode configuration with the two separate terminals of the IDE microelectrode as the 

working and counter/reference electrodes, respectively, to conduct resistance measurements across 

the film using EIS. This dual set of circuits enables both control over state-of-charge and resistance 

measurements in a single measurement geometry, without the need to remove the electrode from 

the electrochemical cell. Once the resistance, Re, is measured, the conductivity, σe, can be 

calculated based on the measurement geometry dictated by the IDE microelectrode according to 

Equation 1:  

(1)				+! 	= 	
1
-!
	× 	 /

0	 × 	 (1	 − 	1) × 	ℎ 
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where d is the distance between the digits of the IDE, l and N are the length and the number of 

digits in the IDE, respectively, and h is the thickness of the active material film.
52

 

 Using this experimental platform, the electronic conductivity of the T-Nb2O5 and NWO 

thin films was measured as a function of Li content in a standard Li-ion battery electrolyte (1M 

LiTFSI in 1:1 EC/DMC). For a typical in situ conductivity measurement, thin films were precycled 

at least three times with CV between 1.2 – 3.0 V vs. Li/Li
+
, then held at 3.0 V for at least 12 hours 

to delithiate the material as much as possible. Then, the film was gradually lithiated by decreasing 

the voltage in steps of 0.1 V at a time, with an EIS measurement for each step. The voltage and 

current profiles of the thin film working electrode for three representative steps are shown in 

Figure 4b. The film is set to a desired voltage versus Li/Li
+
, and current flows through the circuit 

to reach that voltage, with a large initial spike that decreases rapidly as the system equilibrates. 

After five minutes of potentiostatic hold, EIS is performed to measure the resistance across the 

film. The EIS is reflected in the measured voltage profile as a 10 mV oscillation that begins at high 

frequency, and gradually decreases in frequency. A typical spectrum from the resistance 

measurement showed a semicircular arc along with a Warburg tail element, as shown in Figure 

4c, and resistance values were extracted using the Debye equivalent circuit model for mixed 

conduction through the film.
54 ,55

 In brief, the high frequency intercept represents the contact 

resistance, while the lower frequency intercept of the semicircle represents the mixed electronic 

and ionic resistance. After the EIS technique is complete, the voltage is stepped by 0.1 V and the 

next equilibration step begins. 

 Conductivity measurements with the five-minute voltage step followed by the EIS 

technique were carried out in steps of 0.1 V throughout the entire voltage window from 3.0 V vs. 

Li/Li
+
 to 1.2 V. The resulting EIS spectra for NWO are shown in Figure 4e with logarithmically 
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scaled axes, with the specific voltage for each data point indicated by colored symbols on the CV 

curve in Figure 4d. At the beginning of the experiment, when the film is delithiated (3.0 V), the 

resistance is high, such that only half a semicircle appears in the accessible frequencies measured, 

with the lowest frequency data point reaching a resistance of approximately 600,000 Ω (6 MΩ). 

Extrapolation of this curve to a full semicircle gives a resistance of about 10 MΩ, which 

 
Figure 4. Measuring the electrical conductivity of NWO in situ. a) Schematic depiction of thin 

film with interdigitated electrode (IDE) current collector during the in situ conductivity 

measurement. The three-electrode circuit in black adjusts potential with Li counter and reference 

electrodes, while the two-electrode circuit in blue is used to perform resistance measurements 

between the two halves of the IDE. b) Potential (left axis, black) and current (right axis, blue) data 

from the three electrode circuit during three representative steps of the conductivity measurement. 

c) Representative Nyquist plot from an EIS spectrum during the measurement at 2.5 V. The 

electronic resistance is extracted from the low frequency intercept of the semicircle. d) – f) Data 

from conductivity measurement on an NWO thin film.  An EIS spectrum is taken at each potential 

point noted in d), with the CV of the film shown for clarity. e) EIS spectra shown on a logarithmic 

scale. The color of each spectrum matches the point in d) to show its corresponding potential. f) 
Full conductivity curve from the data in e) as a function of Li stoichiometry, showing the dramatic 

increase in electronic conductivity as NWO is lithiated. 
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corresponds to an electronic conductivity of 5 x 10
-4

 S/cm. The validity of the extrapolation is 

supported by the ex situ spectrum before cycling, which shows a full semicircle with an even higher 

resistance of nearly 100 MΩ. Based on these high resistance values and low conductivities, the 

film is highly insulating in the delithiated state. However, as the voltage of the film is decreased 

and the NWO film is lithiated, the semicircles in the EIS spectra decrease in size considerably, 

indicating a drop in the material's electronic resistance. By 2.6 V, for example, the resistance has 

decreased by two orders of magnitude to ~15 kΩ (3 x 10
-2

 S/cm), even though only a small amount 

of Li
+
 has been inserted (~ 0.004 Li

+
 per T.M). The trend continues as the film of NWO is lithiated: 

by 2.2 V (0.06 Li
+
 per T.M.), the resistance has gone down by another two orders of magnitude to 

300 Ω (2 S/cm). Finally, once the NWO has been stepped to 2.0 V (0.3 Li
+
 per T.M.) the observed 

semicircle becomes so small as to have no measurable diameter, indicating a resistance below 1 Ω 

(> 500 S/cm). After this point, the NWO has reached the lower limit of the measurement's 

resistance resolution attainable with this geometry, and any changes within this regime cannot be 

accurately quantified. Notably, the film maintains this low resistance throughout the rest of the 

voltage window. 

 The results of the conductivity measurements on NWO are summarized in the 

conductivity-stoichiometry curve in Figure 4f. In its delithiated state, NWO shows insulating 

behavior characteristic of a wide-bandgap semiconductor. However, with the insertion of only 0.01 

Li
+
 per T.M., NWO undergoes a dramatic increase in its electrical conductivity of about three 

orders of magnitude due to the associated reduction of the material. As more Li
+
 is introduced, the 

conductivity continues to increase at a slower rate, until it reaches the upper limit of the 

measurement (500 S/cm), where it remains throughout the rest of the voltage window. Overall, we 

measure an increase in conductivity of five orders of magnitude on the same film without removing 
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it from the electrochemical cell. With this result, we have quantified the insulating to conductive 

transition that NWO undergoes during lithiation. To the best of our knowledge, this result 

represents the first quantitative in situ measurement of the transition in a standard electrochemical 

cell, both for NWO and for any battery material more broadly. 

 We also performed in situ conductivity measurements on T-Nb2O5, with the conductivity-

stoichiometry curve shown alongside NWO's in Figure 5a. Like NWO, T-Nb2O5 also begins with 

insulating behavior in its delithiated state and undergoes a dramatic increase in its electronic 

conductivity when Li
+
 is inserted. Unlike NWO, however, T-Nb2O5 shows a slower increase in 

conductivity at very low Li
+
 content. Where NWO attains a conductivity of 0.1 S/cm by only 0.003 

Li
+
 per T.M. inserted, T-Nb2O5 requires about three times as much Li

+
 inserted to reach the same 

conductivity, indicating a delayed onset of conductive behavior. Importantly, this distinction 

appears to explain the difference in performance of micron-scale T-Nb2O5 and NWO: whereas T-

Nb2O5 needs to be combined in carbon composites for optimal performance due to its delayed 

increase in conductivity, NWO maintains high rate capability without extra carbon because the 

onset of its conductive behavior occurs at low Li content. Notably, T-Nb2O5 becomes just as 

conductive as NWO at intermediate Li content, and both reach the maximum conductivity resolved 

by the measurement geometry at a similar point. While the absolute conductivity in the conductive 

state is similar, the slower transition to conductive behavior appears to negatively impact the 

performance T-Nb2O5 as an active material. 

 The slower transition to a conductive state for T-Nb2O5 can likely be attributed to the 

presence of localized trap states in its electronic structure, which were recently identified with 

density functional theory calculations.
46

 Based on the calculated electronic structure, these 

localized electronic states are filled before the material can exhibit metallic behavior, so some of 
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the earliest carriers introduced through lithiation do not significantly increase the conductivity. 

Further experimental evidence for trap states can be seen by comparing the conductivity 

measurements performed during lithiation and delithiation as a function of voltage (Figure 5b). 

NWO exhibits close similarities in the measured conductivity between the forward and reverse 

sweeps, which suggests that all of the carriers introduced and removed through cycling contribute. 

For T-Nb2O5, however, there is a clear hysteresis where the conductivity does not increase during 

the lithiation until a later voltage, despite the close similarities with NWO on delithiation. This 

hysteresis suggests that the earliest electronic states filled contribute little to increasing 

conductivity, but during delithiation, they do not delay the decrease in conductivity since they are 

the last to be emptied. Importantly, the presence of trap states has been predicted in the electronic 

structure of many other high-rate electrode materials,
20,24,26,47

 so NWO's very fast onset of 

conductivity appears to distinguish it and potentially explain its exceptional performance.  

 We supported this in situ conductivity characterization with ex situ measurements of the 

materials' magnetic properties using superconducting quantum interference device (SQuID) 

 
Figure 5. a) Conductivity curves as a function of Li content for T-Nb2O5 (orange) and NWO 

(blue). Both materials undergo dramatic increases in electronic conductivity with lithiation, but 

NWO does so more quickly at low Li content. b) Lithiation and delithiation conductivity curves 

as a function of voltage. T-Nb2O5 shows a hysteresis due to a delayed increase in conductivity that 

is not present for NWO. 
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magnetometry. Magnetic susceptibility characterization has been employed previously as a 

qualitative non-contact probe of conduction electrons on lithiated samples.
24,26

 In these lithiated 

nonmagnetic oxides, unpaired electrons exhibit either temperature-dependent Curie-Weiss 

paramagnetism, which describes localized spins according to equation 2, or temperature-

independent Pauli paramagnetism, which occurs for delocalized spins and can be modeled with 

equation 3: 

(2)				4"# 	= 	
5

6	 −	7"#
														(3)				4$ 	= 	 µ%&9(:') 

where χ is the susceptibility, T is temperature, C and θCW are fitted parameters, µB is the magnetic 

moment of a Bohr magneton, and g represents the density of states at EF, the Fermi energy.
56

 The 

relative amount of Curie-Weiss and Pauli paramagnetism indicates how many carriers are 

localized versus free to conduct, respectively.  

 Figure 6a and 6b show the magnetic susceptibility of T-Nb2O5 and NWO as a function of 

temperature for three different amounts of lithiation, with the inverse susceptibility curves after 

subtraction of diamagnetic background components shown in Figure 6c and 6d. Based on equation 

2, a perfect Curie-Weiss paramagnet exhibits hyperbolic susceptibility and linear inverse 

susceptibility curves, and deviations from these characteristics in magnetic properties in these 

materials can be attributed to Pauli-type behavior from delocalized spins.
56

 At 0.06 Li
+
 per T.M., 

T-Nb2O5 shows nearly ideal Curie-Weiss behavior, indicating that carriers introduced up to this 

point are localized in trap states.  By 0.11 Li
+
 per T.M. inserted, and through to 0.22 Li

+
 per T.M., 

its susceptibility exhibits dominant contributions from Pauli paramagnetism, as evidenced by the 

sublinear inverse susceptibility curves. This transition to electronic delocalization we observe is 

supported by DFT calculations that show metallic behavior in T-Nb2O5 after initial trap states are 

filled.
46

 NWO shows similar behavior, with more Curie-Weiss behavior at low Li
+
 content and  



128 

 

more delocalized behavior at 

0.11 Li
+
 and beyond. 

Importantly, however, at 0.06 

Li
+
 per T.M., NWO exhibits 

sublinear inverse 

susceptibility, indicating 

significant amounts of 

electronic delocalization, 

unlike T-Nb2O5 at the same 

point. These magnetic 

measurements corroborate the 

presence of trap states at early 

stages of lithiation in T-Nb2O5 

that localize carriers and 

decrease its electronic 

conductivity. At the same 

lithium content, NWO shows 

significant delocalization, 

which explains the earlier 

onset of conductive behavior identified with the contact measurements. 

 In conclusion, we have reported the successful quantification of the insulating to 

conductive transition in T-Nb2O5 and NWO using a newly developed platform for in situ 

measurement of electronic conductivity. Both materials exhibit dramatic changes in their 

 
Figure 6. Magnetic susceptibility curves for a) T-Nb2O5 and b) 
NWO at various states of lithiation. After subtraction of 

diamagnetic background, the inverse susceptibility of each curve 

is shown in c) and d), with dashed lines included for clarity. 

Linear inverse susceptibility, like that seen for T-Nb2O5 at 0.06 

Li
+
 per T.M., indicates Curie-Weiss paramagnetism, which 

corresponds to localized electrons. Sublinear curves indicate 

deviation from Curie-Weiss behavior due to Pauli 

paramagnetism, which occurs from delocalized electrons. All 

curves at +0.11 Li
+
 per T.M. show dominantly Pauli behavior. 

However, NWO also shows mostly Pauli behavior even at 0.06 

Li
+
 per T.M., unlike T-Nb2O5, indicating greater delocalization at 

low Li content. 

 

T-Nb2O5

0.06 Li+ per T.M.
0.11 Li+ per T.M.
0.22 Li+ per T.M.

a)

c)

NWO
0.06 Li+ per T.M.
0.11 Li+ per T.M.
0.22 Li+ per T.M.

b)

d)
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electronic conductivity due to the introduction of carriers with lithiation: we measured increases 

in conductivity of five orders of magnitude in situ, although the change is potentially even greater, 

since the upper limit of the measurement geometry was reached. We supported these 

measurements with ex situ magnetic characterization that showed significantly more delocalized 

carriers at early lithiation in NWO compared to T-Nb2O5. Taken together, these results suggest 

that the more rapid transition to a conductive state in NWO is key to its exceptional performance 

without the need for carbon composites. Overall, this work highlights the role of electronic 

conduction in high rate anodes and the importance of in situ characterization to understand 

structure-property relationships for these materials.  

 

Experimental 

Materials preparation. 

 T-Nb2O5 and NWO thin films were produced using spin coating. In a typical synthesis for 

T-Nb2O5, 200 mg of NbCl5 was combined with 1.0 mL of dry ethanol and stirred for ~ 30 minutes. 

Films were deposited onto insulating undoped Si substrates (~ 1.0 cm x 0.6 cm) with a thick layer 

of thermal oxide to avoid to the influence of substrate conduction during conductivity 

measurements. During spin coating, approximately 50 uL of precursor solution was added onto a 

substrate, which was then spun at 4000 rpm for 1 minute to produce an ~100 nm film. The as-

coated film was dried at 50ºC on a hot plate and then calcined at 600ºC (1 hour ramp, no hold). 

 The synthesis process was similar for NWO films, except the precursor solution was 100 

mg NbCl5 and 130 mg WCl6 in 1.0 mL of dry ethanol and the calcination occurred at 850ºC.  

Bulk T-Nb2O5 and NWO powders were synthesized by modifying previously-reported solid state 

preparation methods. In a typical synthesis for T-Nb2O5, 500 mg of NbO2 powder was heated to 
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575 C in air for 24 hours. For NWO, a stoichiometric mix of NbO2 and WO2 adding up to 500 mg 

was mixed with a mortar and pestle for about five minutes, and then heated at 1050ºC in air for 

ten hours. The resulting powders were ground with a mortar and pestle before electrochemical 

testing. 

Structural characterization 

 Scanning electron microscopy (SEM) images were obtained using a ZEISS Supra 40VP field 

emission electron microscope with 5 kV accelerating voltage and 6 mm working distance. X-ray 

diffraction was collected with a PANalytical X’Pert Pro diffractometer operating with Cu Kα (λ = 

1.5418 Å) using a 0.05° step size, an accelerating voltage of 45 kV, and a current of 40 mA.  

Fabrication of interdigitated microelectrodes 

 Interdigitated microelectrodes were produced on top of fully synthesized films through a 

flexible, low-cost sputtering approach. A custom stainless-steel shadow mask (Stencils Unlimited) 

was secured onto four films at a time (one IDE electrode per film) with clips to ensure intimate 

contact between the films and the mask. The assembly was placed into a sputtering chamber and 

gold was sputtered for 15 minutes (10 mA output). Each IDE pattern is composed of two 

interdigitated gold electrodes with two connection tracks. The microelectrodes have 8 pairs of 

digits with a digit length of 0.4 cm, a width of 200 µm, and a gap of 200 µm between the digits. 

Depending on the film roughness and the shadow mask assembly, variations in digit thickness can 

occur. These geometric factors were taken into account when calculating the conductivity for a 

given electrode. 

Electrochemical testing and conductivity measurements on IDE thin films. 

 All electrochemical tests were performed at room temperature in an argon glovebox with 

O2 and H2O levels below 1 ppm. A three-electrode cell was used for testing the IDE thin film 
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microelectrodes, with the microelectrode for the working electrode and pieces of polished Li foil 

as the counter and reference electrodes. The electrolyte was 1 M bis(trifluoromethane)sulfonimide 

lithium salt (LiTFSI) in a mixture of 1:1 by volume ethylene carbonate (EC) and dimethyl 

carbonate (DMC). The volume of electrolyte was fixed to ensure similar amounts of the film were 

submerged between different samples. A second circuit was used to connect the two halves of the 

microelectrode on the film of active material, with a two-electrode setup involving one half as the 

working electrode and the other half as the counter and reference electrodes. The two halves were 

held at the same potential except during electrochemical impedance spectroscopy (EIS) 

measurements.  

 In a typical in situ conductivity measurement, thin films were precycled at least three times 

with cyclic voltammetry between 1.2 – 3.0 V vs. Li/Li
+
, then held at 3.0 V for at least 12 hours to 

delithiate the material as much as possible. Then, the film was gradually lithiated by decreasing 

the voltage in steps of 0.1 V at a time, with an EIS measurement for each step. After decreasing 

the voltage, the film was allowed to equilibrate for five minutes, during which the measured current 

dropped considerably. The exact current after this hold depended strongly on the specific voltage, 

but ranged from < 500 nA in the mostly inactive region near 3 V to < 5 uA where the film was 

undergoing redox 1.2 – 1.8 V. After voltage equilibration, EIS was used to measure the resistance 

of the active material film between the two halves of the IDE. The EIS technique was conducted 

between 900 kHz and 20 mHz using a sinusoidal excitation of ±10 mV while the two halves of the 

IDE were held at the same potential. During the EIS measurement between the two halves of the 

IDE, a small current was applied to the film using the three-electrode circuit vs. Li/Li
+
 to prevent 

unwanted drifting of the state-of-charge. This adjustment improves the precision of the experiment 

significantly, and was necessary to measure resistance at low levels of lithiation, where the film 
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was found to drift significantly when left under open-circuit conditions. Importantly, the presence 

of this adjustment current was found to have no influence on the resistance measurement except 

for small shifts in the series resistance intercept of the Nyquist plot. Conductivity measurements 

with the five-minute voltage step followed by the EIS technique were carried out in steps of 0.1 V 

throughout the entire voltage window from 3.0 V vs. Li/Li
+
 to 1.2 V in a single session.  

 The active material resistance was extracted from the EIS measurements by taking the 

difference between the low frequency and high frequency intercepts of the semicircle in the 

Nyquist plot. The resistance was converted to conductivity based on the measurement geometry 

using Equation 1: 	+!(!)   =   *
+!"!# 

× -
(×(01*)×3 where Relec is the measured resistance of the active 

material, d and l are the distance between digits and length of digits for the microelectrode, 

respectively, and h is the film height.  

Electrochemical measurements  

 For EIS testing of bulk T-Nb2O5 and NWO powders, the material was assembled into 

composite slurry electrodes with an overall composition of 80% active material, 8% carbon black, 

2% multiwalled carbon nanotubes (CNT), and 10% polyvinylidene fluoride (PVDF) binder. The 

CNT and PVDF components were added as a commercially available pre-dispersed ink mixture 

(0.75% CNT, 2.0 % PVDF in N-methyl pyrrolidone, NMP). Prior to slurry preparation, the dry 

slurry components and current collector were heated at 100ºC under vacuum overnight. The active 

material was ground with carbon black in a mortar and pestle dry, then the CNT-PVDF ink and 

several drops of NMP were added and mixed to produce a homogeneous paste that was cast onto 

a copper current collector with a doctor blade. The electrodes were dried under vacuum at 100ºC 

overnight. Electrodes with 0.7 mm diameter were punched out for electrochemical testing with 

mass loadings of active material of 1 – 1.5 mg/cm
2
. These moderate mass loadings were chosen to 
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study the intrinsic performance of the active material, as they allow for reproducible electrode 

performance with minimal optimization of the slurry. High mass loadings, such as those used in 

most practical devices, lead to rate limitations from electrode composition and distribution of 

active material that require extensive optimization to overcome.  Electrochemical 

measurements were conducted in stainless-steel 2032 coin cells (MTI) with a stainless-steel 

conical spring, a 0.5-mm stainless-steel spacer for the anode, a 0.5-mm aluminum spacer for the 

cathode, and a glass microfiber separator (Whatman). The electrolyte was 1 M LiPF6 in 1:1 

ethylene carbonate (EC): dimethyl carbonate (DMC), with ~50 uL of electrolyte used per cell. All 

cycling experiments were performed between 1.0 V and 3.0 V vs. Li/Li
+
 on a VMP3 

potentiostat/galvanostat (Bio-Logic). For testing purposes, electrodes were studied in a half cell 

configuration versus a Li metal anode. When calculating C-rates, the theoretical capacity used was 

200 mAh/g for T-Nb2O5 or 150 mAh/g for NWO, based on the 1 e
-
 Li

+
 insertion reactions. 

 For the ex situ magnetic measurements, pure pellet electrodes with only T-Nb2O5 or NWO 

were prepared. Approximately 100 mg of material were ground in a mortar and pestle and pressed 

into circular free-standing pellets at 6000 psi. The pellet electrodes were cycled in stainless-steel 

Swagelok cells under the same conditions as above, but cycled with much lower current densities 

(~0.2 mA/g) to ensure uniform lithiation of the entire pellet electrode. After the desired state-of-

charge was reached, the cells were opened inside of an argon glovebox to extract the electrodes, 

which were washed multiple times in DMC and dried under vacuum without exposure to air. 

Magnetic Susceptibility 

 The magnetic susceptibility of lithiated T-Nb2O5 and NWO was measured with a Quantum 

Design Magnetic Property Measurement System 3 (MPMS) superconducting quantum 

interference device (SQUID) magnetometer. Samples of ~30 mg of pure powder were packed into 
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a polypropylene capsule in an argon glovebox (<1 ppm O2, H2O). Magnetization vs. field (M-H) 

hysteresis loops were measured from 300 to 2 K. Magnetic susceptibility was extracted from each 

loop using the slope.   
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ABSTRACT: The Wadsley−Roth phase (W0.2V0.8)3O7, crystallizing in a
structure obtained through crystallographic shear of 3 × 3 × ∞ ReO3 blocks, is
a somewhat rare exemplar for this class of compounds in that it contains a
relatively small amount of 4d and/or 5d transition elements. Here, we
demonstrate that it functions as a high-rate, high-capacity material for lithium-
ion batteries. Electrochemical insertion and deinsertion in micron-sized
particles made by conventional solid-state preparation and in sub-100 nm
particles made by combining sol−gel precursors with freeze-drying methods
indicate good rate capabilities. The materials display high capacityclose to
300 mA h g−1 at low ratescorresponding to the insertion of up to 1.3 Li per
transition metal at voltages above 1 V. Li insertion is associated with
multielectron redox for both V and W observed from ex situ X-ray
photoelectron spectroscopy. The replacement of 4d and 5d elements with
vanadium results in a higher voltage than seen in other, usually niobium-
containing shear-structured electrode materials, and points to new opportunities for tuning voltage, electrical conductivity, and
capacity in compounds in this structural class.

■ INTRODUCTION

The ability to tune the chemistry of electrode materials across
multiple length scales provides opportunities for developing
electrodes for a variety of Li-ion battery applications, ranging
from portable electronics, to electric vehicles, and grid-scale
storage.1,2 Research on Li-ion battery technology has
particularly focused on improving both the energy density
and rate capabilities of electrode materials.3 Materials capable
of being charged in the course of minutes as opposed to hours
could have important ramifications across a broad range of
applications. For many currently used and studied materials,
fast charging is hindered because of intrinsic materials
properties often associated with the crystal structure, namely,
the ease of ion and electron transport, structural and electronic
phase transitions, and so forth. A common work-around to
address limited ion mobility has been to optimize the particle
morphology through meso- and nanostructuring,4,5 with the
goal of decreasing Li-ion diffusion distances within the particle,
sometimes with concomitant suppression of phase transi-
tions.6−9 Carbon additives and carbon-coating has also been
frequently employed to overcome inherently poor electron
transport.10,11 These impressive feats of engineering, exempli-
fied by materials such as LiFePO4,

10,11 have allowed for broad
adoption of Li-ion batteries in many applications, but the
search for new materials continues.

Anode materials with voltages close to 0 V versus Li/Li+,
while providing the greatest energy density, are contraindicated
for high-rate applications. Graphite for example, effectively
transports Li+ ions and electrons but is associated with
detrimental electrolyte reactions,12 dendrite formation that
leads to thermal runaway,13−15 and volume expansion that
leads to particle fracture.16 Highly engineered (i.e., nanoscaled
and carbon-coated) Li4Ti5O12 with a higher average voltage of
1.5 V has good capacity retention at high rates.17 The higher
voltage minimizes dendrite growth but the costs associated
with elaborate electrode preparation decreases widespread
adoption.18

The focus of this work are on materials that possess
crystallographic shear. These are structures that derive from
anion vacancies that are accommodated through shear of the
basic polyhedral structural motifs. First described by
Magneĺi,19 the process of shear results in greater sharing of
anions between polyhedra. A class of materials that possess
such crystallographic shear are the so-called Wadsley−Roth
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family of compounds, which have shear structures described as
blocks of corner-connected MO3 octahedra. These generally
comprise of oxides of early transition metals such as Ti, V, Nb,
Mo, and W.20−23 While the earliest reports on these structures
were based on electron diffraction and model-building, neutron
diffraction has revealed the most intricate structural details.24,25

Early studies on Li insertion in this class of materials showed
that a broad array of compositions could be used as
electrodes.26−30 The utility of TiNb2O7 was rediscovered by
Goodenough and co-workers.31,32 Recent studies have
demonstrated that large micron-sized particles of the shear
structured phases Nb12WO33,

33 H−Nb2O5,
34,35 TiNb24O62,

36

Nb16W5O55,
37 TiNb2O7,

38 MoNb12O33,
39 and PNb9O25,

40 are
all capable of impressive lithium storage capacity at high
cycling rates.
From a design perspective, compounds displaying features of

crystallographic shear are exciting because they contain specific
structural motifs that allow for excellent Li-ion diffusion and
the potential for electron delocalization. The compounds
typically possess some combination of edge- and corner-
connected octahedra. How these combine in the structure,
along with the specific chemical composition, critically impacts
the electrochemical performance. The edge-sharing octahedra
allow for electron delocalization pathways while also providing
structural integrity.41 This integrity protects against octahedral
tilting and rotation seen in pure ReO3 structures (all corner-
and no edge-sharing) that are detrimental to reversible
cycling.26,29,42 However, the corner connectivity deriving
from the ReO3 blocks also plays an essential role in creating
channels that facilitate ion insertion and transport. Evidence
from nuclear magnetic resonance (NMR), magnetism, and
conductivity measurements confirms that these structural
features contribute to low activation barriers for lithium
diffusion.35,36,38,40,43 These materials are additionally compel-
ling because of their high capacities. This is due in large part to
the fact that these materials comprise of early transition metals
capable of multielectron redox, where it is possible to insert
more than 1 Li per transition metal.
While many Wadsley−Roth phases contain Nb, V-

containing phases appear to have been much less studied,
despite the fact that vanadium is more earth-abundant and
more geographically and industrially widespread, compared to
niobium.44 Here, we characterize the electrochemical insertion
properties of the Wadsley−Roth phase (W0.2V0.8)3O7, whose
crystal structure is shown in Figure 1. First reported by Galy in
1972, the crystallography of this 3 × 3 ×∞ block structure was
determined from single-crystal studies.45 From the viewpoint
of composition, this is an interesting compound because the
closest vanadium phase to V3O7 is formed under high-pressure
with a distinctly different structure,46 and a W3O7 phase does
not appear to have been reported. There is a high likelihood
that (W0.2V0.8)3O7 is stabilized by configurational entropy, as
suggested by Navrotsky and co-workers for related phases.47

Early studies examined related compounds as electro-
des,27,28,30 but not for high-rate performance. Here, using
both small particles prepared through a solution freeze-drying
(FD) method, and conventionally prepared larger particles, we
develop an understanding of the intrinsic capabilities of the
materials for Li storage. Reversible and stable cycling at rates
up to 20 C are demonstrated. The relatively minor
perturbation of the structure arising from Li insertion is
confirmed with operando X-ray diffraction. Ex situ X-ray
photoelectron spectroscopy (XPS) studies show the reduction

of the transition metals, respectively, to V3+ and W4+,
explaining the relatively high capacity. Despite the competitive
capacity retention in bulk particles of (W0.2V0.8)3O7, there are
kinetic advantages displayed by the smaller particles made by
the solution FD route, particularly at intermediate rates.
The materials studied here differentiate themselves from

other Wadsley−Roth phases in that they are not fully oxidized
even in the pristine, delithiated state, which contributes to
some electronic conductivity prior to lithium insertion.
Additionally, the compound stores charge at voltages higher
than found in related structures and provides the basis for
exploration of voltage tuning within the family of crystallo-
graphic shear structures.

■ EXPERIMENTAL SECTION
The title material was conventionally prepared (labeled conv.)
through solid-state methods. Stoichiometric quantities of WO3
(Sigma-Aldrich, 99.9%), V2O5 (Materion, 99.9%), and V2O3 (Strem
Chemicals, 95%) were ground together and pressed into pellets
weighing between 250 and 300 mg. The pellets were then placed in a
vitreous silica tube and sealed with a methane−oxygen torch,
evacuated three times, and subsequently filled with 40 mm Hg partial
pressure of Ar. The tube was annealed in a furnace at 700 °C for 24 h
followed by a water quench to room temperature. Small particles were
prepared by FD (henceforth labeled FD) a stoichiometric solution of
precursors and subsequently calcining under flowing Ar. In a typical
preparation, 200 mg of NH4VO3 and 105 mg of (NH4)10(H2W12O42)
were added to 5 cm3 of distilled water and heated until the solids were
fully dissolved. The resulting yellow solution was added dropwise to
liquid N2. After the removal of the remaining liquid N2, the frozen
solution was subjected to vacuum (<100 mTorr) on a Schlenk line for
10−20 h to remove water. Once dry, the powder was calcined in
flowing Ar in a tube furnace at 700 °C for 1 h (30 °C per min ramp
rate). The furnace was then cooled to room temperature. The
obtained particles were stored under inert atmosphere to prevent
unwanted surface oxidation.

Both materials were cast on copper foil in an 80:10:10 (wt %) ratio
of active material:conductive carbons:polyvinylidene fluoride. Cycling
of the conv. material employed carbon black (TIMCAL Super P)
while for the FD material, a 50:50 mixture of carbon nanotubes and
carbon nanofibers were used. The active material was ball-milled for
30 min in a 2 cm3 canister with the appropriate amount of carbon-
based additives. This mixture was combined with poly(vinylidene

Figure 1. Crystal structure of (W0.2V0.8)3O7 (space group is I4/mmm,
no. 139) comprising of 3 × 3 ×∞ blocks of corner-connected (W, V)
O3 octahedra, offset and connected through edge-sharing (shear
planes). The real structure is overlaid onto a schematic that depicts
the arrangement of the 3 × 3 blocks. The two different colors
employed for the blocks of octahedra are used here to indicate that
they are offset along the c direction.
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difluoride) dissolved in NMP to form a slurry that was mixed in a
FlackTek speed mixer at 2000 rpm for 30 min. A 120 μm doctor blade
was used to cast the material onto copper foil, and this film was dried
at 110 °C under vacuum for 2 h. The electrodes were punched as 10
mm diameter disks with a loading of 1−2 mg cm−2.
All electrochemical cells were fabricated in an Ar-filled glove box.

Unless noted otherwise, Swagelok cells were employed with 1 M
LiPF6 in EC/DMC 50/50 v/v (Sigma-Aldrich) with a polished Li foil
counter electrode and a glass fiber separator (Whatman GF/D). Cells
were discharged to 1 V and charged to 3.2 V. All electrochemical
experiments were performed using BioLogic potentiostats.
The compound (W0.2V0.8)3O7 can be considered to comprise 0.6

WO3 + 1.6 VO2 + 0.8 VO2.5. W can be reduced to the 4+ state and V
to the 3+ state (as we shall also demonstrate presently), so on this
basis, 4.4 electrons (along with the corresponding Li+ ions) can in
principle be incorporated. However, following the usual convention
for this class of materials, C-rates were calculated based off the
reduction of one electron per redox−active transition metal. In this
case, three Li were assumed to insert into the crystal structure for
calculating C rates, for example, C/5 = 3 Q/5 = 233 mA h g−1/5 h =
46.6 mA g−1, where Q is the charge.
Electrochemical impedance spectroscopy was carried out on a

BioLogic VSP potentiostat/galvanostat. Impedance measurements
were performed on two-electrode coin cells between 900 kHz and 100
mHz using a 10 mV input. Impedance spectra were collected at every
0.2 V versus Li/Li+ between +1.0 and +3.2 V versus Li/Li+ on
electrodes that had been previously cycled with galvanostatic rate
testing between +1.0 V and +3.5 V versus Li/Li+. A one hour
potentiostatic hold was applied before impedance measurements,
during which the current dropped below 50 μA/g.
Powder diffraction data to establish sample purity were collected

on a Panalytical Empyrean diffractometer with a Cu Kα source (λ =
1.5406 Å). The materials were ground and loaded on a silicon zero
diffraction plate. Rietveld refinements to the previously published
structure45 were carried out with TOPAS.48 VESTA was used for
visualization of the crystal structure.49

Particle sizes and morphologies were studied using an FEI Apreo C
scanning electron microscope. The powder samples were pressed
onto double-sided copper tape and sputter-coated with gold for 60 s.
Images were collected with a voltage of 15 kV and a current of 0.8 nA.
For operando X-ray diffraction, the electrode mixture was pressed

into a 15 mm diameter pellet and placed into a custom
electrochemical cell with a Be window. A glass fiber separator
(Whatman, GF/D) was soaked in 1 M LiPF6 (Sigma-Aldrich), and
the counter electrode was a polished Li metal disc pressed into a
stainless steel current collector. The cell was cycled galvanostatically
at a rate of C/10 (assuming 3 Li per formula unit) for one complete
cycle. X-ray diffraction patterns were collected repeatedly using the
Panalytical Empyrean diffractometer referenced above, from 2θ = 13
to 50° over 17 min intervals. The amorphous background (because of
the glass fiber separator) and the signal for each scan was separately
smoothed and fit using Tikhonov regularization.50

Samples for XPS were prepared by discharging/charging the cast
electrodes described earlier to the desired voltages in a Swagelok cell.
These cells were then disassembled inside of an Ar-filled glove box,
the electrodes were removed and washed for 2 h in dimethyl
carbonate to remove LiPF6 from the electrolyte, with subsequent
centrifuging and drying in the glove box atmosphere overnight. A
section of the electrode was cut and the copper foil side of the disk
was gently pressed onto the XPS sample holder using double-sided
tape. A custom-built, capped XPS holder was used, equipped with a
Viton seal and a screw-down lid that could be removed after the
sample achieved vacuum in the XPS antechamber. All samples were
measured using a Thermo Fisher Escalab Xi+ XPS equipped with a
monochromatic Al anode (E = 1486.7 eV). Samples were etched
using a cluster gun for 40 s to clean the surface and improve count
intensity. Survey scans were measured at 100 eV pass energy, and
high-resolution scans were measured in the V 4p, W 4f, and Li 1s
regions at 20 eV pass energy. Ex situ spectra were referenced to the F
1s peak from LiF at 685.5 eV and the pristine spectrum was

referenced to adventitious carbon at 285 eV.51−53 CasaXPS was used
to fit the data using Shirley backgrounds and GL(30) peak shapes.
High resolution scans of V and W were fit using appropriate spin−
orbit splitting and peak area ratios.54

Density functional theory (DFT)based electronic structure
calculations were performed using the Vienna Ab initio Simulation
Project v5.4.455−57 employing projector augmented wave poten-
tials58,59 with energy convergence better than 10−6 eV. PAW
potentials were selected based on the version 5.2 recommendations.
Simulations were found to be well-converged for an energy cutoff of
500 eV and an automatically generated k-mesh with the length−
density parameter S = 50 (S = 50 corresponds to 14 × 5 × 5 and 4 × 4
× 13 Γ-centered meshes for the primitive cell and the conventional
cell displayed in the text, respectively). PBE60 and SCAN61

functionals were employed for calculations on the V3O7 model
structure. The SCAN functional often provides improvements over
PBE accuracy for systems with localized electrons, and previous
studies have found improvements with SCAN estimates of magnetic
moments specifically for transition metal oxide battery materials.62

However, in these simulations, for ferromagnetic initialization with
and without spin−orbit coupling, we find no stable magnetization in
either structure regardless of functional choice. PBE and SCAN
densities of states (DOS) and charge densities are visually
indistinguishable and only the results obtained with the SCAN
functional are reported in the text. The projected density of states was
postprocessed using lobster.63−66 Mapping of the bond valence in the
space of the crystal structure was carried out using the script
PyAbstantia.67 All visualization involving crystal structures were
carried out using VESTA.49

■ RESULTS AND DISCUSSION
Preparation of the conv. material through the solid state
methods described previously results in a jet-black pellet, a
dramatic color change from the unreacted starting materials.
The black color was maintained upon grinding. The FD
resulted in loose powder similarly displaying a black coloration.
When handling these materials side by side, the FD was fluffy
and light, as opposed to the denser conv. material.
The structures were characterized with powder X-ray

diffraction as shown in Figure 2. Refinement statistics for
both materials are included in the Supporting Information.
After the first report of the (W0.2V0.8)3O7 structure by Galy in
1964, solved from a single crystal, difficulties in the preparation
of pure powders of the material have been reported.27 After
extensive optimization, the target crystal structure in the I4/
mmm space group could be obtained, containing 9% of 4 × 4
Wadsley block defects. These defects are well-established in
the literature and commonly occur where some of the blocks
have a different size than the main structure.68,69 The 4 × 4
block unit cell is presented in the Supporting Information.
Because the fundamental structure and chemistry is unchanged
with the small inclusion of the block defects, the analyses will
not be significantly impacted. Particles obtained from the FD
route yielded a single phase corresponding to the 3 × 3
structure as seen in Figure 2b. This phase pure sample was
possible for a number of reasons, most notably, mixing
stoichiometric solutions of aqueous precursors allows for
mixing on the atomic scale, as opposed to mixing on micron-
sized length scales associated with reactions between bulk
oxide powders. It is additionally important to note that
lyophilizing the solution provided a much finer control of the
stoichiometry, due in part to the poor solubility of the V
precursor. Flash-freezing prevents the precipitation of V that
would otherwise occur because of poor solubility in water.
Besides agreeing well with the single crystal structure of Galy,45

XPS survey scans and energy-dispersive X-ray spectroscopy
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measurements (figures presented in the Supporting Informa-
tion) showed very close agreement of the measured V/W ratio
to the expected ratio of 4:1.
Because solution-based methods provide diffusion pathways

on the atomic scale, the FD preparation method allows for
much shorter heating times compared to the conv. preparation.
Short calcination times equate to smaller particles seen in
Figure 3 where scanning electron microscopy reveals the conv.
particles to have a short rod-like morphology on the order of
1−2 μm in the shortest direction. The inset of Figure 3a shows
the resulting jet-black powder upon grinding the pellet. Figure
3b shows how the FD preparation resulted in much smaller,
rod-like particles about 100 nm in the shortest direction. A

higher magnification of the FD particles is shown in the
Supporting Information. The rod-like morphology is consistent
with earlier transmission electron microscopy work on these
compounds.68

Electrochemical lithiation revealed very comparable cycling
between the conv. and FD particles, and therefore the majority
of the electrochemistry presented here focuses on the FD
material. Additional electrochemistry of the conv. material is
included in the Supporting Information. At a C/5 rate on first
discharge, more than 1 Li/TM is inserted. The impressive
capacity retention by both large and small particles points to
the crystal structure of (W0.2V0.8)3O7 being conducive to the
mobility of lithium.
Cyclic voltammetry was performed at different rates to

determine an optimum voltage window for the electro-
chemistry, in addition to understanding the evolution of the
redox peaks at varying sweep rates (Figure 4a). To avoid
anomalous capacity contributions from lithium storage in
carbon and electrolyte decomposition, a lower cutoff voltage of
1 V was selected.70 Cyclic voltammetry reveals two major
peaks on both reduction and oxidation. There is minimal redox

Figure 2. X-ray powder diffraction data for (a) conventionally
prepared material (labeled conv.) and (b) material prepared through
the solution FD route (labeled FD), with the corresponding Rietveld
fits to the appropriate crystal structure(s). The material made through
the conventional route was refined to be 91% of the target 3 × 3 block
structure with the general formula M3O7 and 9% being the 4 × 4
block structure compound with the M2O5 formula in the same space
group. The FD sample in (b) is the single phase of the target 3 × 3
block structure. Refinement statistics can be found in the Supporting
Information.

Figure 3. Scanning electron micrographs: (a) conventionally prepared
material (conv.) displaying multiple-micron sized particles and (b)
material prepared through the FD route, displaying narrow lath-
shaped particles up to a few microns in length but under 100 nm in
width. A higher magnification image of the FD material can be found
in the Supporting Information. The inset in (a) is a photograph of the
as-prepared conv. material showing the color associated with a
partially filled d band.

Figure 4. Electrochemistry of the FD (W0.2V0.8)3O7 sample. (a)
Variable rate cyclic voltammetry performed at sweep rates from 0.10
to 0.75 mV s−1. (b) Galvanostatic cycling at a 5 C rate shows slight
irreversible capacity loss after the first cycle and moderate
polarization. (c) Galvanostatic cycling at rates from C/5 to 20 C
and its recovery. (d) Summary of rate performance during discharge
as a function of cycle number from data depicted in (c). Circles
represent the FD material, and triangles representing the conv.
material are displayed to compare rate performance between the
different sizes of particles. (e) Extended cycling at a 5 C rate. The FD
material shows high capacity retention and Coulombic efficiency over
100 cycles.
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activity until 2.4 V, where the first peak occurs, followed by an
additional redox peak at 2 V. We note that the cyclic
voltammetry reveals a significant amount of charge stored at
potentials above 2 V, which differentiates this material from
other, usually niobium-containing shear structures in the same
family that typically store the majority of charge below 2 V.
Galvanostatic cycling at a 5 C rate shown in Figure 4b shows

that after the first cycle, features of the discharge/charge curves
are highly reproducible, with some capacity loss after the first
cycle. The structure of the discharge curve displays three main
regions, related to the trends we see in the cyclic voltammetry.
At first, there is a steep voltage drop to 2.4 V where a small
amount (0.25 Li) of lithium is incorporated into the structure.
This leads to a small plateau that extends as a moderately
sloping region until 2 V where 2.25 Li is inserted. Both of these
redox events are consistent with the voltages observed from the
cyclic voltammetry. The slope angles downward at this point
until the 1 V cutoff where an additional 0.5 Li is incorporated.
We observe moderate polarization between the discharge and
charge curves.
The material exhibits impressive rate capabilities, shown in

Figure 4c. At the slowest C/5 rate, we observe the three
regions of the discharge/charge curves described earlier. As the
cycling rate is increased to 20 C, the discharge curve becomes
smooth and sloping, and the bulk of the capacity is instead
stored below 2 V, as opposed to the slower rates where more
charge is stored above 2 V. Figure 4d compares the variable
rate galvanostatic cycling of the small particles to the micron-
sized particles. Upon returning to slow rates after more rapid
cycling, both materials recover most of the capacity observed at
the beginning of cycling. The large conv. particles show a
comparable charge storage capacity at low and high rates, while
the FD material shows the largest kinetic advantage at
intermediate rates. As seen in Figure 4e, (W0.2V0.8)3O7 retains
stable capacity at a 5 C rate over 100 cycles.
Highly electrically conducting electrodes, or ones that turn

into electrical conductors upon lithiation have the advantage of
permitting fast cycling. Evidence for the effective electrical
conductivity of (W0.2V0.8)3O7 is seen from electrochemical
impedance on the full cell. Potentiostatic electrochemical
impedance spectroscopy was used to measure the charge
transfer resistance of FD (W0.2V0.8)3O7 slurry electrodes at
different stages of lithiation (Figure 5). The initial insertion of
0.6 Li+ per unit cell results in an increase in the charge transfer
resistance from about 30 to 130 Ω. Additional lithiation results
only in minor changes, and the electrode maintains a moderate
charge transfer resistance of 100 to 130 Ω up to insertion of 3
Li+ per unit cell. These data suggest that the electrical
resistivity of (W0.2V0.8)3O7 remains reasonably low across the
full range of electrochemical cycling.
In order to understand the nature of Li insertion and

deinsertion, a kinetic study was carried out using the
established relationship between the peak currents, Ip, in cyclic
voltammetry to the voltage scan rate, v, through the power law:
Ip = avb, where a and b are constants. The exponent b extracted
for each redox peak is then indicative of the underlying
diffusion mechanism, with b = 0.5 corresponding to semi-
infinite diffusion, and b = 1.0 corresponding to a nondiffusion
controlled process.34,71 (W0.2V0.8)3O7 has two obvious redox
peaks on both reduction and oxidation in the range of voltages
scanned, as seen in Figure 6a. By extracting the peak currents
and fitting to the power law equation above, as demonstrated
for the oxidation peaks in Figure 6b and the reduction peaks in

Figure 6c, the various values of the exponent b are obtained,
which are presented against the respective redox peaks in
Figure 6a. The values of b for all redox processes are close to
0.5, which indicates processes limited by bulk semi-infinite
diffusion. This strongly points to the electrode materials
storing charge though conventional electrochemical Li
insertion rather than for example, capacitive storage taking
place at the interface.
Operando X-ray powder diffraction of (W0.2V0.8)3O7

performed at a C/10 rate provides insightful information
about the evolution of the structure during lithium insertion
and extraction. Select diffraction peaks during cycling are
displayed in panels in Figure 7. Data collected over the full 2θ
range is presented in the Supporting Information, along with a
summary of the Rietveld refinements during lithiation.
(W0.2V0.8)3O7 appears to display mostly solid solution

Figure 5. Electrochemical impedance spectra of (W0.2V0.8)3O7 slurry
electrodes as a function of Li content. The charge transfer resistance
increases upon initial insertion of Li+ but otherwise remains relatively
constant at stoichiometries between x = 0.6 and x = 3 in
Lix(W0.2V0.8)3O7. The spectra were collected on an electrode that
had been previously cycled through galvanostatic rate testing so that
initial SEI formation does not affect the data.

Figure 6. (a) Cyclic voltammetry of the FD material at varying sweep
rates, used to obtain the exponent b for the different peaks in the
voltammograms (indicated on the figure). (b) Power law fits for each
oxidation peak based on the relationship between the scan rate and
the current. (c) Corresponding fits for each reduction peak.
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behavior. At the start of Li insertion and up to 1 Li/formula
unit, a slight expansion of the unit cell is observed in the
presented reflections. After this point, the (330) peak splits in
the composition range between 1 Li per formula to 2 Li per
formula. The peak splitting is attributed to the existence of a
narrow two-phase region that then disappears above 2 Li per
formula and then reappears on the following discharge cycle.
Shortly after the disappearance of the peak splitting at (330), a
new diffraction peak emerges at 2θ ≈ 45°. Along with the
(110), (330), and (321) peaks that are tracked, this new peak
similarly indicates unit cell expansion with increasing lithiation,
followed by contraction as Li is removed. This feature indicates
a phase change that disappears at the end of charge. At full
discharge, the a and b planes expand by only 2.5% while the c
plane expands by 6.4%. We see an overall volume expansion of
13%, in good agreement with previous chemical insertion on
related compound W0.2V2.8O7.

28 The refinements of the
lithiated material are summarized in the Supporting
Information as is the evolution of the cell parameters and
cell volume with lithiation. The observed expansion on the
basis of the number of electrons per transition element is
relatively large compared with what has been observed in
related Nb-rich oxides. This may in part help understanding
why the high-rate cycling of (W0.2V0.8)3O7 results in reduced
storage capacity compared with compounds in the structurally
related the Nb−W−O series.37

The structural evolution of this material seen through
operando powder diffraction explicitly shows how
(W0.2V0.8)3O7 behaves as a battery material, in agreement
with the analysis of the exponent b in the variable-rate cyclic
voltammetry. In the parent ReO3 structure, Li conduction
through the three-dimensional octahedral network is hampered
because of the rotation and tilting of the solely corner-
connected octahedra. When there are edge-sharing features
associated with crystallographic shear, rotation and tilting are
prevented and Li transport is not impeded.42,72 However, the
channels in the structure created by octahedral corner-sharing
create highways for Li diffusion.
Both constituent transition metals are capable of multi-

electron redox, with a maximum theoretical capacity of 342
mA h g−1 if 4.4 e− are inserted (where we assume W6+ reduces
to W4+, V4+ reduces to V3+, and V5+ reduces to V3+), based off

initial oxidation states of the transition metals according to the
equation (1 − y)V2O5 + (1 + y)VO2 + yWO3 → WyV3−yO7.
Although this level of lithiation is not observed experimentally
in the voltage ranges employed, the electrochemistry shows
that 1.3 Li+/TM are inserted at a C/5 rate, indicating that at
least one of the transition metals is participating in a
multielectron redox process. Ex situ XPS allows this to be
understood, however is not quantitatively relatable to the bulk
oxidation states because of surface sensitivity to oxidation.
Figure 8b and 9b display spectra at different states of charge for

V and W, respectively, in the conv. material. The pristine
material appears to be a combination of V5+and V4+ but only

Figure 7. Select regions in the operando X-ray diffraction patterns of
the FD (W0.2V0.8)3O7 material during the first galvanostatic cycle at a
rate of C/10. The corresponding electrochemistry is shown on the left
most panel.

Figure 8. X-ray photoelectron spectra displaying the region of V 2p
spin−orbit doublets 2p3/2 and 2p1/2 for the conv. material. The total
fit and contributions from the different oxidation states are indicated.
On the right is the first galvanostatic discharge for Li insertion with
the points indicating where the ex situ XPS spectra were acquired.

Figure 9. (left) X-ray photoelectron spectra of the W 4f binding
energy region displaying the lower-energy W 4f7/2 and higher binding
energy W 4f5/2 spin−orbit doublets. The gray line on each spectrum
shows the total fit that combines the fits from each of the individual
oxidation states. (right) First, galvanostatic discharge for Li insertion
into conv. (W0.2V0.8)3O7 material. States of charge corresponding to
XPS spectra are overlaid on discharge curve.
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W6+. As 0.9 Li inserts into the structure, further reduction of
the V5+ species to V4+ is observed. After 2.2 Li inserts, the
proportion of V5+ to V4+ inverts and the majority of V states
are V4+. At full discharge with insertion of 3.9 Li, 27% of the V
is reduced to V3+. Upon charge, the V oxidizes back to V5+ and
V4+, but with a slightly higher ratio of V4+ than observed in the
pristine material. This could be attributed to part of the
irreversible capacity loss seen after the first cycle.
In contrast to V, W reduction is quite different. W remains

in its W6+ oxidation state almost until full discharge where 23%
of the W is reduced to W4+. There appears to be no evidence in
the XPS signatures for any intermediate W5+ state73 which
could suggest a tendency to valence-skip in this structure type.
W returns to being fully oxidized after charging. These results
confirm multielectron redox in both of the transition metals. As
confirmed with XPS, the pristine (W0.2V0.8)3O7 begins in a
non-d0 state due to a fraction of partially reduced V Figure 8b.
This is what results in the compound, even prior to lithiation,
displaying some evidence of electrical conduction and being
black in color.
As discussed above, although the samples were transferred

from the glovebox using an air-free sample holder, some
surface oxidation can occur which skews measurements toward
higher oxidation states. This means that we cannot expect the
XPS to quantitatively reflect the bulk oxidation state, but it
should still be an excellent indication of the redox states
present in the material as a function of the Li content.
Density-functional theory-based electronic structure calcu-

lations are employed to provide qualitative understanding
these 3 × 3 block structured materials as Li hosts. A complete
analysis of the electronic structure of the parent (W0.2V0.8)3O7
compound must account for the combination of electron
correlation and disorder (the latter enhancing the former)
which is beyond the scope of this work. However, calculations
on the isostructural model compound V3O7 provide some
useful insights. From the DOS displayed for V3O7 Figure 10a,
we see a combination of oxygen, but primarily transition metal
states at the Fermi energy, arising from the formally, 1d
electron for every three V, which is also consistent with what is
observed in the XPS of the starting (W0.2V0.8)3O7 compound.
The as-calculated structure does not stabilize magnetization,
even with the DFT simulations performed using the SCAN
functional, which usually enhances magnetic localization. The
partial charge density in Figure 10b corresponds to a
visualization of states in the energy range around EF. The
data suggests that the electron prefers the central metal site on
an octahedron that is purely corner-sharing. This has also been
noted in other shear phases, for example in LixPNb9O25 where
the initial doped electrons localize (albeit magnetically in that
case) on the central corner-connected octahedron.40 As stated
above, W/V substitution is likely to further hinder electron
transport due to disorder and potentially yield some local
moment behavior in the magnetism.
Bond valence mapping provides a simple means of

estimating ion transport pathways and mechanisms for mobile
ions placed arbitrarily within a 3D crystal structure. For each
location in the 3D space of the structure, the absolute value of
the difference Δv between the valence calculated for the probe
ion (here Li+) at that site and its actual electrostatic valence (1
for Li+) is mapped.74,75 It is possible to relate this valence
difference Δv to energies of defect formation and defect
migration, allowing for rough predictions of the activation
energy required for ion transport.74,75 Isosurfaces for a value of

Δv = 0.1 in valence units for the model compound V3O7 are
displayed in panels (c,d) of Figure 10. This isosurface
illustrates probable 3D lithium migration paths in the structure.
Empirically, it has been noted that the activation energy in eV
is equivalent to approximately 2 × Δv in units,76 so the
displayed isosurface, forming channels down the c axis of the
structure, indeed suggests a low energy pathway for Li+

migration. This is consistent with other, prior work showing
in related shear structures that ion conduction occurs most
rapidly in the center of the blocks in related shear structures.77

ReO3 has itself been shown to display an activation energy of
migration for Li+ of 0.1 eV,78 which is in line with the values
presented here. More detailed DFT studies to complement
experimental investigations by impedance spectroscopy and
NMR are necessary to establish the complete picture.79

■ CONCLUSIONS
Electrochemical insertion studies of (W0.2V0.8)3O7 show that
this vanadium-rich shear-structured Wadsley−Roth phase is a
promising high-rate electrode material. While both the larger
conventionally synthesized particles and smaller particles
obtained by solution FD and calcination have capacity
retention at up to 20 C, there appears to be a clear advantage
at all rates in having smaller particles. Distinct from other,
mostly niobium-containing shear structured compounds, the
pristine material is a black powder that begins with some finite
d state population and therefore could be an intrinsically better
electrical conductor than comparable d0 oxides. Multielectron
redox of both W and V lead to high specific capacities, while
slight and reversible structural changes allow for capacity
retention over one hundred cycles. This compound stores
more charge at higher voltages than most other reported

Figure 10. (a) Density of states for model compound V3O7 showing
contributions from filled vanadium states at the Fermi level. (b)
Charge density isosurface level of 0.005 e Å−3 depicted within the unit
cell of V3O7 showing the 1 d electron in the formula prefers the
middle of the 3 × 3 block. (c) and (d) View of the bond valence
difference map for Li in the space of the structure of V3O7 displayed
for an isosurface value Δv = 0.1 valence units.
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Wadsley−Roth compounds and points to promising directions
for tuning the voltage in this high-performance class of
electrode materials.
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APPENDIX A 

Supporting information for Chapter 2: 

Size-Dependent Suppression of Phase Transitions Leads to Fast-Charging in Nanoscale 
LixMoO2 

 

 

  

Table S1. Synthesis conditions for PMMA colloids with different sizes. 

Avg. PMMA 
colloid size 

APS ALS MMA Water 
60 nm 0.08 g 0.61 mL 12.56 mL 165 mL 

150 – 200 nm 0.08 g 0.01 mL 10 mL 165 mL 
 

 

Figure S1. Scanning electron micrographs of PMMA colloids with different sizes. The 50 – 60 

nm colloids (left) and 150 – 200 nm colloids (right) were used as templates for the small and large 

nanoporous MoO2, respectively. 

 

200 nm

Figure S1. Scanning electron microscopy of PMMA colloids.
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Figure S2. Additional scanning electron microscopy characterization of (A – C) large nanoporous 

MoO2, (C – E) small nanoporous MoO2, and (E – G) MoO2 nanocrystals.  
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Figure S3. Additional high-resolution transmission electron microscopy (HRTEM) characterization of 

large (A – C) and small nanoporous MoO2 (D – F). At low magnifications, entire micron-scale 

interconnected primary particles are shown with nanoscale porosity. At higher magnifications, 

individual nanoscale grains are shown throughout the pore walls. The inset in panel F) shows the fast 

Fourier transform of the image. 

 

 

Figure S4. Additional HRTEM characterization of the MoO2 nanocrystals shows mostly single-

domain primary particles that agglomerate into larger secondary particles. The inset in panel C) shows 

the fast Fourier transform of the image. 
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Figure S5. Rate-dependent galvanostatic profiles for each MoO2 material. 
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Figure S6. Operando SXRD cell design. A) Conventional modified coin cells use small holes in the 

cell casing and the spacers to provide X-ray transparency. However, the electrode area probed by the 

beam is subject to cycling artifacts due to decreased stack pressure and electrical contact. B) We 

circumvented these issues with an improved cell design, which uses Be spacers without holes. The Be 

spacers provide conductive windows sand ensure stack pressure over the probed area, but don’t 

significantly attenuate the X-ray beam due to Be’s low atomic number.  

 

Coin cell casing 
with Kapton hole

Spring
SS spacer
Electrode

GF separator

SS spacer
Lithium

Be spacer
(no holes)

Be spacer

Conventional 
modified coin cell

Improved cell 
design used here

A) B)

Advantages and disadvantages of operando cell design. 

The small size and use of typical slurry electrodes in these modified beryllium coin cells 

provides some advantages compared to AMPIX cells, which use freestanding pellet electrodes that 

must cycle slowly and require high X-ray energy to penetrate the cell, but the smaller active mass and 

presence of a current collector in the modified Be coin cells lead to lower signal-to-noise and 

unavoidable background features. As such, we used the AMPIX cell for detailed refinement of the 

structure of bulk MoO2 during cycling in Figure 3 of the main text, and the modified beryllium coin 

cells in the rest of the experiments in Figure 4 of the main text to recreate the environment in a coin 

cell as accurately as possible. Notably, the two cell geometries show close similarities in the data for 

bulk MoO2, which corroborates the validity of both methods. 
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Figure S7. Representative background subtraction of operando SXRD data. A custom background was 

used to remove scattering from the electrolyte, which manifests as a broad feature in the region between 

Q = 1 – 2 Å
-1

.  
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Figure S8. Selected patterns from the operando SXRD data in Figure 4 of the main text. For each 

MoO2 material, patterns are shown in the pristine (OCV), fully lithiated (1.1 V), and fully 

delithiated (3.0 V) states.  As seen from the data, the starting and ending peak positions are the 

same for all samples.  
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Figure S10. Detailed lattice parameters from Rietveld refinement of operando SXRD data. For 

this data, the bulk MoO2 data is shown in yellow, the large nanoporous MoO2 is shown in green, 

the small nanoporous MoO2 is shown in blue, and the smallest MoO2 nanocrystals are shown in 

purple.  For all structural parameters, discontinuous shifts are seen in the bulk data, and those 

discontinuities decrease with decreasing domain size until completely continuous behavior is 

observed in the smallest MoO2 nanocrystals. 

A) B) C)

D) E)

 

 

Figure S9. Detailed diffraction patterns upon lithiation from operando SXRD highlighting the 

most prominent two-phase region (CV peak 3). While bulk MoO2 clearly shows a first-order phase 

transition, the two-phase coexistence in the nanoporous samples is less pronounced, but still 

clearly present. The MoO2 nanocrystals show only a shift in the peak, with no two-phase 

coexistence. 
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Figure S10. Detailed lattice parameters from Rietveld refinement of operando SXRD data. For 

this data, the bulk MoO2 data is shown in yellow, the large nanoporous MoO2 is shown in green, 

the small nanoporous MoO2 is shown in blue, and the smallest MoO2 nanocrystals are shown in 

purple.  For all structural parameters, discontinuous shifts are seen in the bulk data, and those 

discontinuities decrease with decreasing domain size until completely continuous behavior is 

observed in the smallest MoO2 nanocrystals. 
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Figure S11. Relative polarization analysis for bulk MoO2. For each labeled peak in the cyclic 

voltammogram in A), the relative polarization for each sweep rate is shown in B). Here, relative 

polarization was calculated by the shift in peak position at a given sweep rate from the original peak 

position at the slowest rate (0.1 mV/s).  
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Figure S12. Individual long term cycling data for each of the MoO2 materials, as shown in 

Figure 9A of the main text, with the coulombic efficiency plotted. For all of the materials, the 

coulombic efficiency remains at 100% throughout cycling.  
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APPENDIX B 

Supporting Information for Chapter 3: 

Analyzing How the Suppression of Phase Transitions Leads to Pseudocapacitive Properties 
in LixMoO2 Using Electrochemical Impedance Spectroscopy 

  

 

Figure S1. Galvanostatic cycling (a) rate performance and (b) profile for the three representative 

versions of MoO2 in this study.   
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APPENDIX C 

Supporting Information for Chapter 4: 

Electrochemically-Formed Disordered Rock Salt ⍵-V9Mo6O40 as a Fast-Charging Li-Ion 
Electrode Material 
 

 

   

 

Figure S1. Additional scanning electron microscopy characterization of pristine bulk VMO.  
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Figure S2. Rate-dependent galvanostatic profiles from cycling data for bulk VMO in Figure 2B of the 

main text with 4.0 V upper cutoff voltage. 
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Figure S3. Galvanostatic profiles from long term cycling data in Figure 2C of the main text with A) 
4.0 V upper cutoff voltage and B) 3.5 V upper cutoff voltage. The capacity decay occurs gradually and 

shows no major changes in the shape of the profile. 
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Figure S4. Additional scanning electron microscopy characterization of a cycled VMO electrode, 

showing retention of morphology after transformation to the disordered rock salt phase.  
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Figure S5. Energy dispersive spectroscopy (EDS) elemental characterization of a cycled VMO 

electrode, confirming the presence of both V and Mo in the disordered rock salt electrode.  
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Figure S6. Electron diffraction of cycled VMO shows that the distorted, lamellar morphology 

corresponds to the rock salt structure.  
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Figure S7. Full XPS survey scans from the high-resolution XPS data shown in Figure 6 of the main 

text. 
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Figure S8. Low voltage cycling behavior of VMO electrode. V2O5, which also forms a disordered rock 

salt phase during electrochemical cycling, has been reported to undergo initial lithiation with high rate 

capability at low voltage. While VMO does have further lithiation at low voltage, it appears to be 

accompanied by the conversion reaction, where oxide is reduced to metal.  
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APPENDIX D 

 

Supporting Information for Chapter 7: 

High-Capacity Li+ Storage through Multielectron Redox in the Fast-Charging Wadsley-

Roth Phase (W0.2V0.8)3O7 

This appendix was reprinted from Wyckoff, K.E.; Robertson, D.D.; Preefer, M.B.; Teicher, S.M.; 

Bienz, J.; Kautzsch, L.; Mates, T.E.; Cooley, J.A.; Tolbert, S.H.; Seshadri, R. High-Capacity Li
+
 

Storage through Multielectron Redox in the Fast-Charging Wadsley–Roth Phase 

(W0.2V0.8)3O7. Chem. Mater. 2020, 32 (21), 9415-9424. Copyright 2020 American Chemical 

Society. 
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Figure 1: (a) The crystal structure of (W0.2V0.8)3O7 is comprised of 3⇥3 blocks of octahe-
dra, offset and connected through edge-sharing shear planes. The space group is I4/mmm.
(b) The crystal structure of (W0.35V0.65)2O5is comprised of 4⇥4 blocks of octahedra, offset
and connected through edge-sharing shear planes. The space group is also I4/mmm.
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Table 1: Summary of refinement parameters from Figure 2 in the main text for Conv.
(W0.2V0.8)3O7.

(W0.2V0.8)3O7 (W0.35V0.65)2O5

parameter value parameter value

lattice constant a = 14.00277(3) Å
c = 3.71467(2) Å

lattice constant a = 19.55304(8) Å
c = 3.70849(7) Å

space group I4/mmm space group I4/mmm
block size 3⇥3 block size 4⇥4
percent 91% percent 9%

Rwp 13.91
Rexp 6.21
GOF = Rwp/Rexp 2.24

Table 2: Summary of refinement parameters from Figure 2 in the main text for FD
(W0.2V0.8)3O7.

(W0.2V0.8)3O7

parameter value

lattice constant a = 14.01155(5) Å
c = 3.71502(9) Å

space group I4/mmm
block size 3⇥3
percent 100%

Rwp 12.30
Rexp 6.47
GOF = Rwp/Rexp 1.90
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Figure 2: Higher magnification image of pristine FD material.
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Figure 3: Galvanostatic cycling of Conv. (W0.2V0.8)3O7 at rates from C/5 to 20C.
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Figure 4: Extended cycling of Conv. (W0.2V0.8)3O7 at a 5C rate.

6

Daniel Robertson

Daniel Robertson
174



Table 3: Summary of analysis of the exponent b from Figure 6 that shows the corresponding
equations and coefficient of determination that fit the relationship between current and
sweep rate for (W0.2V0.8)3O7.

avg. b R2

red 2.01 V 0.49 0.9975
2.41 V 0.67 0.9963

ox 2.46 V 0.50 0.9968
2.69 V 0.61 0.9975
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Figure 5: (left) Full operando diffraction range of FD (W0.2V0.8)3O7 during the first gal-
vanostatic cycle at a rate of C/10. Electrochemistry is shown on the right panel.
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Figure 6: Variation of cell parameters and cell volume with lithiation of the principle
3⇥3 Wadley-Roth phase of FD (W0.2V0.8)3O7 as a function of lithiation under conditions of
operando diffraction. A moderate and nearly-linear increase in lattice parameters and cell
volume is noted with increasing lithiation.
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Figure 7: (left) Expanded view showing the full spectral regions for V 2p and O 1s from
XPS. To improve accuracy, all states were fit together. The states of charge are mapped on
the electrochemistry shown in the right panel.
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Figure 8: (left) Expanded view showing the full spectral regions for W 4f and F 1s from
XPS. To improve accuracy, all states were fit together. The states of charge are mapped on
the electrochemistry shown in the right panel.
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Figure 9: (left) XPS survey scans for each state of charge showing that the C 1s region
lines up using the calibration method described in the main text. The states of charge are
mapped on the electrochemistry shown in the right panel.
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Table 4: Quantitative analysis of the evolution of oxidation states from fitting the high
resolution spectra found in Figure 8 and Figure 9.

x in Lix(W0.2V0.6)3O7 % V5+ % V4+ % V3+ % W6+ % W4+

0 63 37 0 100 0
0.91 57 43 0 100 0
2.15 39 61 0 100 0
3.94 35 38 27 77 23
charged 67 33 0 100 0
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Figure 10: XPS survey scan of a fully discharged electrode shows signals from F 1s, V 2p3,
C 1s, S 2p, P 2p, Li 1s, and W 4f .
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Table 5: Quantitative analysis of the elemental composition in an electrode from fitting
the survey scan in Figure S10.

Peak Peak binding energy (eV) Atomic %
F 1s 685.97 39.64
V 2p3 517.21 1.06
C 1s 285.04 23.33
S 2p 162.00 0.27
P 2P 135.55 0.77
Li 1s 56.51 34.66
W 4f 36.55 0.27

Expected Measured
V:W ratio 4.0 3.93
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Table 6: Quantitative analysis of the elemental composition from energy-dispersive X-ray
spectroscopy in the pristine Conv. material.

Element Expected atomic fraction Measured atomic fraction
W 0.20 0.21
V 0.80 0.79
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