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UTILIZAIION AND LIMITATIONS OF PHASE TRANSFORMATIONS AND MICROSTRUCTURES
IN ALLOY DESIGN FOR STRENGTH AND TOUGHNESS o

by‘
".Gareth Thomas
Professor
Department of Materials Science and Engineering

University of California
Berkeley, California 94720

* ABSTRACT -

The dévelopment and characterisation of microsttuctures resulting
_frgm'phése transforﬁations, in"maftensitic s;eéls and spinodal systemé{
is‘butlined and‘discussed in relation to improvements in ambient
teﬁperature strength and toughne;s. Spinodals and martensites can both
.‘have'dislocated fine grained.micfostruc;ures when formed_under appro-
priate conditions. 1In ﬁarteuéitic steels the impottance\of fetained‘
aﬁstenite morphology‘and stability on toughness at high strengths is
emphasized. A method is described for'improving the strength of low
carbon stéelé byvdeveloping duplex fine grained structures of ferrite
and martensife. It is suggesfed that coarsened‘spinodal allbys have
. good work hardening sﬁrengthening_potential, if the discontinuous,growthv
: ﬁrobIem at grain boundaries: can be_overcome.: Some ideas for the

utilization of multiple phase tr?nsformations are also presented.

INTRODUCTION

- From the viewpoint of structural alloy désign the physical metallur-
gist 1is copcerhed with cbntrolling microstructure and composition to

produce desirable combinations of mechanical properties. The fundamen-

tal limitation of strengthening a given alloy systém, is that due to
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the elastic moduli. The theoretical tensile.strength may he given
approximately as G/20 where G 1s the'shear modulus. If phase transfor-_
mations are used to'produee dislocation pinning by'providing obstacles
(particles or dislocations etc. ) then the theoretical strength can be
equated to the well known Orowan pinning model viz., G/20 % Gb/ where 1
is the pinning distance between obstacles, and b is the Burgers vector
of the mobile dislocations. Thus at the theoretical limit 1 ; 20]bi ~
100A which requires high resolution metallography for analy51s of

. course there will be little or no plastic ductility at this strength
level and so in design a compromise is attained so as to provide the :
best fracture‘resistance (usually large values of KIC toughness) and
this usually means saérificing strength; In ;hy case themajor objective
is to provide uniform obstacle distributions so that deformation by s11p
- will occur uniformly so as to minimise local stress concentrations.
Phase transformations leading to heterogeneous distributlons of preci-
pitates are thus usuallp'undesirable;t |

In_this paper the utilization of two major'transformations are
discussed viz. martemsitic and spinodal since these currently show
great potential for manupulation and application of novel approaches
to microstructure—property}control. Ordered alloys (including oroered
matrix solid solutiorg interstitial ordering and embrittlement) will
not be»discussed. The properties to be considered are tensile strength
and.fracture toughness (as measured by ch and charpy)frelevant at
amhiant temperatures, and the alloy systems descrihed are experimental

ones designed in an attempt to facilitate basic understanding of the

problems involved.
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'.A comprehensive review of this rapidly developing fiéld of research
is not intended but rather.a summary of results and ideas of current
"work in my group. Emphasis is also placed on the need for detailed and
‘quantitative electron metallographic anaiysis so as to properly charac-

terise micrqstructure even though thig may not directly assist in
elucidatihg the reactioﬁ mechanisms. An important aspect not covered
in this paper (see the one by McMahon in this bqok); is the chemical
:anaiysiS'Of small volumes to which new electron optical techniques such
as.Augér ana;ysis and micro-x—;ay analysis using scénning-transmission
instruments are being applied. Suchhwork is essential for developping
 c6mmercia1 alloys since impurities alone may bg the chief limit;tion on
performance. |

2. Some Problems of Uniformity of Microstructure

As ﬁentibnéd above a'major concern for microstructure-property
control is that of uniformity of microstructure énd'the need to identify
.dESiréble>and _unde;irable features. The fundamentals of the mechan- |
" isms  of phase transformations must therefore be understood and the
microstructures propefly and qqéntitati?ely characterised. A brief
outline of some of these factors follows.

a) Nucleation and Growth Systems

For nucleation and growth‘(ﬁ&G) transformations it is necessary to
v.consider both homogeneous and heterogeneous reacfions. In ﬁhe abéence
~of an applied stress, the free energy AFn associéted with nucleation

" has been egpressed_by (e.g. Cahn @) AFn =—AFv + AFS * AFe where AFv
" is the volume free energy,; AFS the surface free energy and AFe tﬁe

strain energy (this is negative in heterogeneous nucleation, e.g., at

BO&GODO B EOO OO0
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disloéations).(z) In order to produce hombgeneous nucleation, largev
sﬁpersaturatibns are needed, i.e. tﬁe AFv term must dominate. In
systems where quenching from the single phase region precedes aging;
inhomogeneities can be introduced e.g.,  large vacancy supersaturationg
and-additional dislocations. Subsequent aging produces microstructures
that may then not be uniform e.g., precipitation at grain boundaries
(due to the influence of the surface and strain energy terms and the
higher diffusion rates), precipitate-free-zones and precipiéation.on
defects in the matrix. In some cas;s different'phases’ﬁay appear, as
is well known for Al-Cu base alloys where 8" occurs in thg matrix, o'
on dislbcations and 0 or 6 at grain boundaries in the-same alloy on
- aging to near maximum.strength.(z) Thus control of uniform microstruc-
ture is very difficult; especially if it is to be accomplished by only
simple heat treatments. The Al-?n—Mg system (commerciél.7075) is a good
example of one of the potentially highest strength Al alloys which is
limited by the heterogeneity of preéipitationﬁand a compromise between
toughness and strength can be achieved by overaging. ‘However, some experi-
mental advances have ﬁeen made with comﬁlex multiéle treatments | |
including thermal-mechanical treatments, especially for alleviating grain
(3,4) '

boundary heterogeneities.

b) Spinodal systems ' .

For perfectly homogeneous phase separations, such as in spinodals
where the above equation does not apply, uniformity of structure is
attained immediately afterkthe transformatiop and can be attained by
direct cooling from the solution temeprature.(sns) The problem that

arises in the post-nucleation period is that coarsening rates may differ
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at boundaries and within £hamatrix. Figures 1, 2 'comparé 1ight

optiégl and transmission elecgron optical ﬁicrographs of the strucfures
after advanced aging in a’Cu-Ni—Fe alloy. It might appéar from Fig. 1
that a néw type of grain boundary process has‘occhrréd, But a recent
detailed sﬁudy of the morphology (Fig. 2 ), éryétallography, and kinetics
| of aging(g) has dembnstrated that this effect is due to acéele:atéd
coarsening, generally only at largé angle boundarieé, and accompanied

bf grain boundary migration. Since for this alloy system the formation
of the grain boundary product is growth controlled, it cannot be due

fo a discontinuous or celluiar reaction, both of which are nucleation
_coptrolled.(g) It is also interesting that the topghness of this CuNiFe
spinodal alloy decreases(lo) as a result of this grain boundary coarsen-
ing. A detailed study.of this,coarsening problem is in progress. so that
atteméts Ean be made to solve the boundary problém.by a fundamentai
épproach to design, with changes in alloying and/or heat treatment
‘.e.g.-tOZIOWer grain boundary mobility.

‘Dﬁring'spinodal coafsening dislocation networks form at the intef-
éhase boundaries to relieve the coherency strains when coarsening
éroceeds and‘the-phase compositions approach their equilibrium levels.
‘An example for CuNife is shown in Fig. 3. 1In this way walls of dislo-
cations are generatea periodicaily so providing a regular "dispersion"
of cell boundaries which should be good sources of strengthening |
(éeé. 3¢c) However, the toughenss will be limited if grain'bouﬁdary '

- effects suqh as those described above cannot bevovercome.
| Despite the great potential for utilizing spinodal reactions to

produce tough, strong alloys, the amount of work on spinodal systems has
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so far been extremelyvsmall especially from iﬁe structure-property
viewpoint (Sec. 3), by comparison ‘to the efforts expendeé on examination
~of transfqrmations of other kinds. The development of alloy theory

to ailqw prediction of spinodal transfprmation in seyeral Eomponent
systems is clgarly desi#able. |

¢) Martensitic Systems in Iron Based Alloys:

The martgnsitic'transformation can also produce a uniform micro-
structure provided that the internal substructure produced by the
transformation shear and subsequent accomodation (slip or twinning) is

(11,12)

unique. Figure 4 shows electron micrographs typical of the

dislocated and twinned martensites that are found in quenched iron.
based alloys.

_ It is néw established that martensitic carbon steels have poor ch
toughness if the structure is twinned (say approximately 10% or more,
i.e. when ﬁhe carbon coﬁtent exceeds ~0.3%). 1In our_allqy design
program,studies are being done on high purity, basically, but not ‘
exclusivaly, ternary Fe-C-X alloys, which are vacuum melted. The X
refgrs to alloying elements, Cr, Mo, B etc. These alloys, whilst
serving -as quel éystems so as to provide basic information on the
role of élloying elements én microstructuré, strength and toughness
by #inimising well knan problems of impurity embrittlement, have also
turned out to provide éxcellent properties even in the ungempered
condition (see Fig. 5a), which ;s gdvantageous economically. Figure 5b
shows reéults of current work on-grain refined dislécated-martensites(la)

in Fe-1%Cr-17Mo-0.3%C. These data can be compared to those for Fe/Mo/C

alloys shown in Fig. 5a. It should be noted that these properties



compare very favorably with commercial high alloy steels e.g. the 18%Ni

maraging type.’

d) Microstructure Control for Martensitic Structural Steels

As é'result of basic studies on fhe role of alloying and microstruc-
ture on méchanical properties (reviewgd in ref. 13) some guidelines can
be given for designing strong, tough steels. These are

1. Obtain dislocated.martensiég with minimal twinning: This is
largely determined by carboﬁ content and total élloy content, which both
affect the Ms temperature. Thus a lower limit of Ms of about 350°C is
recbmménded (max. carbon ~0.4%). This structure.can be achieved by
direct quenching and sufficient hardenability is obtained by adding
'vsubétitutiOnal elements such as Cr, Mo etc; i.e. the X.component in
the Fe—C-X series: Thus the tqtal amount of solute must be controlled
to conﬁroi ﬁs—Mf,and hardenability. Haraenability is needed to prevent’
undesirable‘structﬁres resulting from diffusional products, (e.g.
pearlite, upper bainite). Some autdteﬁpering may occur on quenching
but ﬁhis should ﬁot_lead to embrittlement provided the carbides oniy
.nucleate within martensite and not at boﬁndéries. Inrthis fegard iower
bainite'may also be a desirable structure.(;3)

2. A composite structure wherein the martensite (or lower bainite)
is surrounded By'continuous thfh films of austenite appears to»greatly
benefit ch_toughness at high strengths (Figs. 5, 12). bThese films can
.again be obtained b; contrbl of composition and heat treatment ;hrough
.a knowledge of transformation kinetics and effects of alloying additions.

‘The stability of this austenite is important e.g., on tempering (even

auto-tempering) it if decomposes to ferrite and . carbide the undesirable

Ol a0kl no0
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boundary carbidevmorphology occurs resulting in embrittlement.(zs) The
addition of alloying elements such as Al and Si are beneficial in this
regard-(see also the paper by Parker and Zackay in this book). If the
austenite films are mechanically unstable they may transform under
stress.  If they transform tovmartensite (so cailed trip ﬁechanism) this
could be a useful toﬁghening reaction during crack propagation.

It is the formation of grain boundary carbides that probably limits
the possibility of using continuous cooling to directly transform
austenite to a mixture of dislocated ferrite and carbides (auto-
‘tempéred martensite or lower bainite) which can also be done to produce
' a dispersion strengthened alloy steel (see e.g. Honeycombe, ref. 15). |

Current work on bainite(l6)

confirms the viewpoint that upper and lower
Bainite form by different mechanisms and should be répresented by
separate curves in TIT diagraﬁs. This means that careful evaluation of
transformation kinetics and microstructure is needed if a particular -

\

alloy system is to be fully exploited; this is especially true for
existing commercial alloys.(17) It cannot be emphasised too strongly
that mucﬁ of the enormous terminology that has developed to describe
the microstructures in steels has arisen from inadequate resolution
(Troostite, Sorbite, etc) and has lead to confusion. High resolution
electron microscopy is absolutely essential to characterise and thus
clearly specify. the microstructure,'e;g., tq distinguish upper and lower
bainite, and fo differentiate narrow bands of inter-lath austen%te and
cementite (Sec. 4c). Furthermore, whilst grain/packet/lath/phaée

boundaries in martensitic steels provide strength By providing effective

barriers to dislocation motion, the éxploitation of this potential
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strengtheniﬁg ééurce without loss of toughness, requires careful
design’of.heat—treatments to avoid boundary decoration by brittle
pregipitates.ér other heterogeneities.

In summary, although bothvmartensitic.and spinqdai reactions can
- produceé uniform microstructures, and provide diélocations without
external plastic deformation, grain boundary effeéts are still probably
the most important factors determining the mechénical properties of the
alloys.

‘3." Spinodal Transformations and Alloy Design

The attractiveness of the spinodal transformatién stems from the
unifdrm, homqgeneous, usually periodic microstructures that are produced
(see e.g., the matrix regions in Fig. 2). Since a spinodal.microstruc-
ture can be,chaiacterized by the wavelength and amplitude of its
- periodic éomposition modulations (Fig. 6) thesevparameters must be
accurately determined for éorrelaFion with desiréble properties.

a) Coherent Spinodal Products

_ .From a survey of the available experimental data for several alloy
systems which appear'tq decompose spinodally(6’7’18—24) it is obvious
that a uni&ersal theoretical explanation for strengthening in spinodal
alloys has not been found. When correlations’ha§e been attempted, it
is generaliy agreed that the yielé'strengthHOy is_ not dependent upon'
wavelength A during the time the spinodal product remains coherent.

(6,7) which have

The resulLs obtained on the Cu-Ni-Fe spinodél alloys,
served well as a model system, have shown that the yield strength of

the coherent spinodal depends on the composition difference Ac between

the two phases which is related to their difference in lattice parameters,

i 6anp kOO0
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'Aa, (Fig. 6), independently of the wavelength and volume fraction. If
the elastic constants of the two decomposed phases are nearly the same,

(24)

then, based on a theoretical treatment by Dahlgren, the maximum

yield stress is given by O « Aa_ where Aaolis the difference in
lattice parameters of the tﬁzxspihodallproducts at their extreme tie-line
compositiéﬁs. For the same condition.the yield stress 1is predicted to

be inaépendent of wavelength and volume fractions of the spinodal pro-
duct. When the elastic constants of the phases show appreciable
differences, then some volume fraction dependence 1is indicated in the
yield stress.:

| Dahlgren(24) was cafeful to point out that while the decomposing

phasés are still coherent, the "extreme" compositions do not correspond

with the limits of the miscibility gap, so that the phases are metastable.

b) Semicoherent Spinodal Product

During spinodal coaréening the change in compositioﬁal differences
Ac maximises as the equilibrium tie line conditiogs are attained, and
so the yield stfesé -Aa relationshipvno longer holds,v At this stége of
transformétion, éoherency is lost and interfaéiéi nisfit &islocations are
generatea (Figs. 3,7). The Burgers yectors of these dislocations in

(25)

CuNiFe alloys are a/p<110>(or a/q<100> in other cubic alloys) where

the magnitudes of p and q depend on the misfit (normally p.= 2, q = 1).

Thus overaging has introduced a regular array of dislocation walls.

Upon plastic deformation the slip dislocations must_overcome_the_inter-
actions with the dislocations at the interface (Fig. 7) or even possibly
push the interface dislocations out of the interface. The overall

interaction distance is nevertheless X , the compositional wavelength,
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and slip will occur preferentially in the softer phése. If the volume
fractions of the two phases are unequal (Fig. 6) the yield stress is

expected to be volume fraction dependent.

¢) Potential for Strengthening Semicbherent‘Spiuodals

From thelforegoing it is clear that the_overéged sémiéoherent
"spinodal alloy systems are attractive from the dispersion and work
hardening viewpoint, eSpecially if they can be p;oduced by direct slow
cooling from the solution temperature. On straining, a glide dislocation
in such a métérial will experience two types of obétacles: (i) Regions
of'elaétic inhomogeneity, aﬁd»(ii) Periodic arrays of dislocations tﬁaf
délineate the regions. of elastic‘inhomogeneity (Fig. 3).

Assume a dislocation source exists at the interface and a dislocation
moves a distance /iXA‘in phase A béf6re coming tobthe next interface,
and that the system like CuNiFe 1is fcc (Fig. 7). At this point.the slip
dislocation must interact with the wall or forest of the two sets of
interface diélocations. Thus, a strong-integactiOn is expected at these
‘junctions. Once this interaction is exceeded, the dislocation must
either penetrate into the next phase B and travei a distance /Exg before
again becoming pinned due to interface interaction, or find a route
through an adjoining "pafticle" pf_phase A so that slip essentially
occurs entirely iﬁ pﬁaée A kassumi;g phase A is softer than phase B).
A possible example of'fhis behaviour is visible in.Fig. 3. |

Work on.dispersion hardened materials, for which there are several

(26)

contributions to the total hardening, suggests that the independent

contributions should be summed as: »
2 2
T = T
Total T el. inhomn. + array

el 600k bEO0OO0
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. As the periodic arrays are stable because they consist of structural
dislocations, the interfaces can be éonsidered‘similarly to grain boundaries,
in which case a Hall-Petch type of strengthening would be expected, i.e.

/2

yvield strength is proportional to (A)“1 . Basically the question of dis-

location.motion is determined by the eﬁergy of the dislocation in the

2

two phases viz., line energy,Tasz, and T, ~ GAbi in phase A and Tb~GBbB

A
in- phase B. Since IbAl nd lbIB.the important term is the shear modulus

and dislocation motion in phase B will be negligible if GB>>QA.

It should be emphasized that the attractiveness of a spinodal system
for tpis type of strengthening depends on the manner in which the“dislocé-
tion substructure is produced and the way in which A can be controlled.
Thermal freatment alone, including perhaps merely'furnace_cooling,'may
induce the formation of regular high density dislocation arrays at the
interphase interfaces, without the need for mechapical'procéssing of any
kind. The limitation in exploiting these alloys rests with any grain
boundary problem, such as the accelerated coarsening in CuNiFe described
in Sec. Z(b).

d) Summary

From an alloy design point of view, the problem of identifying the
strengthening mechanisms in spinodal al;oys must be solved before they
can be effectively exploited. It appears that theigglz_way to circumvent
the embrittling grain boundary effects so that the potential strengthen-
ing due to Semicoherent‘spinodals may be studied, is by analysis of single
crystals. Detailed electron microscopy analysis can then be used to

determine the nature of any slip-interfacial dislocation reactions, slip-
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traces, etc., leading to an pnderstanding'of‘the s;rengthening process
throughout the entire aging sequence, including any changes in strengthen-
iné me;hanism. Finally,_ffacture toughness measurement of polycryst:ils
ﬁuét necessarily.be included in any study, even for systems in which
hetérogeneous grain boundary.precipitation may haye been avbided, since
lamellar structures, particularly spinodals, are well known to coarsen

(9)

diséontinuously.

4, Exploitation of Martensitic Transformations

a) Strength of Martensite

The strength of martensite is determined priﬁcipallyvby thg carbon
cont;nt in solution and the toughness by the microstructure, which.in
Vthn depénds upon compositioﬁ and heat-treatment. :Experiméntal steels
have beeﬁ-designed to obtain improyed'properties merely by transformation
to disiocatéd martensite as outlined in Sec.‘2(d). This transformation
pro&ides one of the most efficient means of obtaining ﬁniformly dislocated
ﬁicrostructﬁfes, an& tempering is not required to‘obtain desirable tough-
ness #t ambient temperatures as shown in Fig. Sta).*:

Although the strength can be increased merely by increasing

the carbon content, beyond about 0.4ZC, steels have low toughness.

A simple linear hardening theory for polycrystals due to

*Hdwever, although K c is fairly high, in these experimental steels
(Fig. 5) the critical plastic zone size is very small if the strength

is also high e.g. at a K, ., of 80 ksi vins and a strength of 300,000 psi,
the critical value of plastic zone size is only ~0.01 ins based upon the
McClintock criterion (loc. cit). '
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interstitial carbon is given by the well-known Nabarro theory T; = G€2C
where Tc = shear yield sérength, G =;shehr modulus, € = misfit and C =
atomic fraction of carbon. This equation predictsva_strength of ~G/300
at 0.3SZC. The other important strengthening parameter is the dislocation
density, and since the martensite is essentially work-hardened as a resﬁlt
of the high dislocation content resulting from the trénsformgtion, the
contribution from these dislocations can be written in terms of a flow
stress Tf_é.G.b/b where b = Burgers vector, p = dislocation density.

Thus to double the strength due to this contributioﬁ,'the dislocation
density must Ee increased by at least a factor of 4. .Such'high dislocation
denéities may be achieved by deformation e.g. ausformipg.

b) Limitations of Carbon Content: Design to Eliminate Quench Cracking

(Experimental Fe-4Cr-0.47%C Steel)

Since one of the most economical ways of increasing the strength of
a steeiiis ;o raisé its carbon content, it is worth considering what might
bé done to overcome the limitation of this procedure, namely the onset of
embrittlement due to quench cracking at the'prior austenite grain boundaries,
wﬁich occurs even in relatively high purity ;110y55 .We_have recently’

(27)

investigated this problem in an experimental Fe/4Cf/0.4ZC steel » Since

a similar steel but with a lower carbon content viz., 0.35%, has excellent
combinations of high strength and toughness even in the untempered condition
(See Fig. 5a)(28). In order to eliminate undesirable alloy carbide morphol-
ogies-from the microstructure of these Fe/Cr/C alloys (for example, at
pfibr aqstenite grain boundaries), it was necessary to austenitise the
Fe/4Cr/0.4CAstéel at high temperaturev(>1000°C), but this practice led to.

intergranular cracking during the quench in either oil or water (Fig. 8a).

After such high temperature treatments the grain size was large (>300y,
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i.e., ASTM 0.5) (Fig. 8a) and the microstructure contained extensive twin-

ning but little evidenée of_auto;tempering (Fig. 8b) while scénning elec—

tron micfoscopy showed largely intergranular frécture (Fig.-gA). Based on

the étudy ofvthe_effecf of the heat-treatment variables on the.intergranular
@27

cracking tendency , 1t was concluded that the amount of carbon in solu-

. . * .
tion (Y) and martensite packet ‘size are the two most important factors

influencing cracking tendency, ﬁiz.; an increase in.either causes an‘increase
in éracking.u In order to achieve'desiraﬁlé fracture toughnessbproperties

so that‘theFSteels can be utilized in engineering applications, it is
essential: to aﬁstenitize at a high enough temperature to dissolve all
carbides. At the same time, in order to avoid quench Erackihg at high

levels of carbon in solution, it is necessary to obtain a small gfain

‘gize. Clearly,vfor martensitic structures these requirements cannot be
ééhieﬁéd in-a single'heat-treétment.

Multiple heat treatments were -then designed(27)

and the results are
summarised in Fig. 9. The corresponding micréstructures a;d mechanical
ﬁroﬁerties‘aré summarised 1§ Figs. 8 and 10 respectively.

These results show that by ideally comwbining the benefits of high
temperatﬁre austenitization and small grain size in the double treatments,
the resulting meéhanical'properties of quenched structures are optimized and
arebsﬁperior tovthose of conventionally produced lower bainite in the same

‘steel as shown in Fig. 10. Since it is proposed that intergranular quench

cracking results from the accommodation of strain generated by impingement

*
A martensite packet is defined as a group of dislocated martensite laths

usually slightly misoriented or twin related.

Pt eacoprpr 0?00
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'

of two 6rvmore growing martenéitic packets at the grain boundaries, a small
martensite packet size (i.e., small.austenite Y grain size), auto—tempering
and the éstablishment of éood intercrystalline cﬁhesion (by elimination

of undissolved carbides at the boundaries) are some of the'facfors which
contribute favorably to a solution of the intergranular quench crack problem.

"¢) Retained Austenite Identification and Significance in Quenched
(and Tempered) Steels '

As discussed earlier the results on maftensitic steels have shown that
retained austenite has an extreﬁely important effect on fractu;e tbughness.
(measured by KIC and Charpy) at a particular strength level. For example
at 250,000 psi quenched strength levels the KIC value for Fe/Cr/C was

1/2

70 ksi Yins yet only 54 ksi-in for Fe/Mo/C, (Fig. 5a) i.e. the Fe/Cr/C

steel is much tougher by the K__ criterion. Detailed electron metallography .

IC
and diffraction has shown that in the Fe/Cr/Cvsteel;(zs) continuous sheets or
fibers of inter—léth austenite are present, whereas if present they wereA
not resolved in the Fe/Mo/C steel.(3l) |
Since such thin layers of'austenite are not detected by x;ray analysis
and since the analysis is not a trivial matter iﬁ is worth emphasing the
need for proper chéracéerisétion, using electron microscopy and diffraction.
Firstly in most cases the volume fraction of retained austenite. in struc-
tural steels is'small, and hence thg'austenite'diffréction reflectionévare
often weak. Careful tilting in order to bring the austenife films into a
strong diffracting condition and the matrix into strong tramsmitting con-
dition is necessary to enable the austenite diffraction spots to bé recog~-
nized. Secondly, in»m§st structural steels auto-tempering occurs during

quenching and so the diffraction pattern is further complicated by the

presence of extra reflections from the carbide particles. A clear
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distinction of austenite refleetions from careide reflections is thus not
straightforward due to the similar spacings occuring in the patterns,  and
becauee.Spherieal aberration limits the spatial resolution in selected
area diffraction to ~2u at 100 kV althpugh this_is greet1§ improved at-

- higher voltages. A choice of appropriate orientation for unambiguous

(32)

charactérization of structure is thus necessary. Analysis has shown

~ that a <111> martensite orientation is euitable and a construeted_pattern
'15 shown in Figf 11. This pattern is to be compareﬂ with an actual analysis
shown in}Fig. 12 for which the (200)Y reflectioﬁ spot was used to obtain

the dark-field image of retained austenite films. Whilst the amount of

retained austenite can vary with treatment(27’33)

(32,35)

detection now seems to
be quite gemneral even in low carbon steels (0.1%) as revealed by
the sophisticated electron microscopy analysis just described and strongly

recommended for all such studies.

d) Control of ﬁnttansformed'Aestenite:, Stability

Current work‘shows that isolated particles of retained austenite are
not“as beneficial as continuous films (Fig. 12, 13) suggesting that |
austenite may act as a crack stopper at the lath boundaries, or
that it promotes crack branching along the boundaries, perhaps in a similar
' manner to fracture'in certain fiber composites(34). Such a mechanism could
explain the frectographs often ebeeéved in our steels (Fig. 13) as was
discussed eariier (Sec 2d). 1It has been observed that increasing the
‘aus;enitizing‘temperature ean incfease the toughness(17). Curreﬁt work
on Fe/ACrIO.BZC'steels shows that increasing the ausfenitizing temperature

from 870°C to 1200°C increases the value of KIC from 64 ksi vins to

82 ksi vins, although the properties seem to be optimised by 1100°C treatment.

I
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The criterion for the critical value of the plastic zone size discussed -
by McClintock in his paper (loc. cit; ) is r, = 1/2ﬂ[KIC/Y]2 (vhere Y has
some value between the yield aud ultimate tensile.strength). Thus the
corresponding values for r, are 250u after’the.870°C austenitizing and
~430u after the 1200°C austeuitizing, taking Y as the UTS (250 ksi and |
200 ksi respectively). Since the grain size increases from 30u to 250u
with this increase in austenitizing temperature, it may be that the grain
size‘is the most important factor determining crack propagation (as |
measured by KIC)' Since increasing grain size alsu'increases hardenabil-
ity; there may also be an effect due to retained austenite (see Parker and
Zackay loc. cit). Carbon segfegates to the austenite ad could stabilize
it agéinst trgnsformation;(due to a lower Ms locally). More experiments

| are now in progress to obtain more quantitative data on these variables

as well aé obtaining charpy daﬁa;: The influence of austenitizing
temperature on austenite cérbides‘andAmartensite substructure which
already has been shown to be important for the Fe/4Cr/0.4C steels

(27)

discussed above, will receive special emphasis.

With reference to the observed diffefences>invtoughness between
the F-/Cr/C and Fe/Mo/C steels (fig. 5a), the gruatef amount of retained
austenite in the forﬁef alloy is to be expected siuce Mo h;s a very
strong éffect in limiting the austenite range of stability (~2% Mo com-
pared to ~13%Cr), so that each alloying element ma& have a different
effeét on the amount and possible uistribution of retained austénité.
Alloy design programs to study this problem are also in progress at Berkeley.
e) Summary = | | .
In this section it has been shown that simple control of compoéition

and heat treatment to produce dislocated martensite and continuous films
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bf,retéined austenite leads to excellent cqmbinations of ambient
strength and toughness, whereas interlath carbides lead to eﬁbrittlcment
(Fig. 13). Also the limitation due to quench crécking on increasing
carbon concentration to increase strength of martcnsite steels, can be
alleviated by multiple, though probably_expensive, Heat treatments,
Further work is‘necessary to study in more detail thé effects éf alloying

to control retained austenite and processing to achieve gain refinement.

The martensitic transformation can also be exploited as a possible
méans of strengthening softer phases by controlling the transformation
(either thermally by control of Ms temperature or mech;nically_by control
°f,M&) so as tobform a dispersion of martensite e.g. with ferrite. It is
kﬁown that duplex austenitic-martensitic alloys, e.g. 304 stainless steels,
caﬁ be strengthened this way. = Furthermore, the flow stress has beeﬂ,foﬁnd

(35) irrespective of -

to:vary'linearly with volume fraction of martenmsite
“the way that martensite was produced. In the foliowing section -an approach
is described in which martensite is used as a strengthening dispersion with

ferrite, in low carbon steels.

5. Duplex Structures and Strengthening of Low Carbon Steels

Whilst a considerable effort in research and deyeiopment has gone
into‘improvinggthe strength and toughness of medium and high carbon steels:
nmuchiless effort has beenbdirected towards understanding more completely

the structure-property relationship in low carbon steels. With the

—

increasing problem of materials and fuel shortages, however, there is now
an urgent need for design engineersto effect weight reductions in trans-
portation systems such as automobiles by achieving economical ihcreases in

strength of steels or new alloys. Interest is developing in high stréngth

T E N P G000
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low alloy steels, but room exists for improvements in plain carbon steels
e.g. 1010.

For plain low carbon steéels several approaches have been used in
the past, e.g.,'rapidrheating and cooling cycling through the austenite
transition temperature for grain refinement(36). However, 1f thé final
transformation product is a mixture of ferrite and pearlite, ﬁhe strength
leQel is not" as greéflas is required. On the other hand if the cycling
is done so as to attempt to produce 100% martensite, the ductility is
_poor and undesirable microstructures (e.g. upper bainite) can often result,.
'due to the low hardenability.

In considering commercial automobile steels.e.g., INNA and 1010
(basically Fe-0.5Mn-0.1C with INNA having 0.01N also), a novel wﬁy of
thermal cycling which involves annealing in the two phase (a +y) field
has been used: This heat treatment and subsequent cycling tfeatﬁent ;s
éompared to conventional éycling'for grain-réfinement in Fig. 14. The
initial austenitizing treatment consisted of annealing in‘afgon at 1100°C
(30 mins.) so as to dissolve all carbides followed by ice brine quenching
to obtaig 100% martensite as the starting microstfucture (Grange(36)).
Details of theiexperimental conditions and range of cycling treatments
(39)

" investigated will be published elsewhere , but the initial grain size

was ASTM #2 (~80n ) which is refined by the cycling process, e.g. after
the second cycle, the grain size is -18u. . |

| By holding in thé (o + y) temperature range; the o and y phases

" will attain the c;mpositions specified by the tie line corresponding to
the holding tegperature. The alloy will then consist of low carbon

ferrite and higher carbon austenite. Upon quenching, the austenite transforms
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to.marfensite which electron microscopy shows to be dislocated (see
Fig. 15).7 The ferrite which does not transform back to austenite during
the'réHeAting to the [0 + Y] field containsrsub;bouédaries‘formed as a’
result of disiocation generation ;nd reariéngement during cycling. These
walls (~1u apart) become sites for carbide (or nitfide) precipitation on
‘tempering, which can be a further source of strengthening.

This method 6f using the two phase (0 + ¥) fieid has also been

an

utilized by Jin et al. for FPe/Ni and maréging steels and Snape and

Church(ss)'fby low alloy steels. However, the transformation behaviour
.and Beneficial‘results obtained for the 0.5Mn/0.1C steels differ from those
~in the higher alloy steels. |

v The éffects of the ferrite-martensite mixtufes on the yield Sfrength
and ductility (7 elongatidn) are sﬁown.in Fig. 16. This graph also con;
_‘tains thé.commercial,speéifications for the "INNA" steel. It can be seen
that the new heat treatments des;ribed here can double both the yield
strength, and also the tensile strength (due to the greater wbrk—hardening
capability) af'a; acceptable uniform'elohgatioh“level of 10Z. The method
could be useful ag a finishing treatment for improving strength (i.e.
~after formiﬁg). The improvéd‘mehhanical properfies can be interprefed in
a manner uséd for duplex étructqres suéh as fiber compoéites, for the
éondition théf tﬁe microsfructural consitituentsj(ferrite and martensite)

are equally strained. The flow stress can then be expressed as

Of

='0af(a) + {l—f(a)}om where o® = flow stress for ferrite, o™ = flow
. stress for martensite, f(a) = volume fraction ferrite. Such a relation-

ship is in agreement with the data in Fig. 16. It should Be noted

that 0% is determined principally by the ferrite grain size and whether

L e0opb b oo
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or not it is also precipitation hardened. As discussed earlier, o is
determined by the carbon content, which can be variéd by the anneaiing
_tempgrature in the a-Yy range (Fig. 14). |

v These results indicate the improvements that can Be made in these
low carbon steels. Sinceus;veral million tons are produceé each year,
some saﬁings in material are clearl& possible if these s?rehgthening

treatments can be adopted economically by industry.

6. Concluding Remarks: Use of Multiple Transforﬁations

Steels are systems where several"traﬁsformations occur during production
e.g. during the martensite fransformation, precipitation of carbides can
occur simultgneously or consecﬁtively. However, much more potential
exists for combining more than one type of ﬁhasé transformation in the
-same alloy system, especially as a meéns for eliminating mechanical étages
in proceésing to_produce microstructures with useful combinatioﬁs of
éroperties. For example, consider the ausforming treatment (see Fig. i7).
This process involves deforﬁation of metastable austenite during which

(40)

heterogeneous nucleation of carbides on dislocations occurs On

quenching, the carbon depleted austenite transforms to martensite, and
provided tﬁat the martensite is dislocated (C < 0.3%), the steel has
greater toughness and'strength than is obtainéd by conventional martensitic
" transformation. This approach is limited by the aﬁsteniteAtransforéétion
kinetics in that thevpearlite and bainite transfprmations need to be well
separated. However, similar results can be obtained without the deformation
if precipitation can be induced in austenite prior to transfdrmatiqn.

Examples of this process include ausaging FeNiTi type alloys to précipitate

Ni3Ti(él) or spinodally decomposing CuNiFe prior to quenching to form
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martensite(az). For these processes to be effective it.is esSeotialbto
produce’dislocatod martensite so that dislocation multiplication can occur
at the pfecipitotes during ;he martensific transformation (Fig. 17). The
composition of the alloy limits the usefulness of multiple treatments
since it detefmineS'whether or nof martensite can be formed (athermally
belovao or by deformation below Md){ but nevertholess much can be done to

explore these ideas further.
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FIGURE CAPTIONS

Fig. 1. Light optical ﬁicrograph of_coarsened spinodal structure in
- 70%Cu/19%Ni/11%Fe after aging for 500 hr at 748°C showing the lamellar '
structurelnear the grain boundary; Courtesy R. Gronsky - |
Fig. 2. Photograph of same alloy as Fig. 1 but aged 10 hrs at 655°C
showing enhanced coaréening and boundary migration (in direction of
g = 002). The wavelength at ;he‘boundary_region is almost 3 times
thaf in the matrix.1 Note that the copper rich phase is in lighter
éontrast'duelto preferential electro-polishing. Courtesy R. Gronsky.
Fig; 3. “High‘voltage electron micrograph (650 kV) of overaged and 10%
tensile deformed CuNiFe*alloy showing interphase diélocatiﬁng. These
havevBurger‘s vectors. of a/2<110>. Some slip dislocations are also
visible, esbecially within';he,lighter.contraét, Cu-poor phaée..
'Fig. 4. Electron miérograph showing (a) parf'of a packet 6f dislocated
lath martensite (tough) in Fe/5Ni/0.26C, and (b)vtwinned martensite

(brittle) in fe/6.8Mn/0.24C. Courtesy D. Huang.

Fig. 5 (a) Relationship between plane strain fracture todghﬁess and ulti-
mate tensile stréngﬁh.for two experimentai ternary alloy steels
developed recently. Note that the Fe/Cr/C steel - has superior

_ properties to the Fe/Mo/C steel and'tobother commercially available
high sﬁrength steels, and 1éNi maraging allbys..'Cbntinuous filﬁs of
- gtabilized interlath austenite could be identified in Fe/Cr/C steels
whereas in Fe/Mo/C steels the amount,if any, was too small to be
identified (Data from References 28,31). |
(b) Relation between Charpy impact>toughness and ultimate tensile

strength for Fe/1%Cr/1%Mo/0.3%C alloys and Fe/Mo/C alloys (from’

CZe0opronpo
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Reference 31). The Fe/Mo/C alloys héve low ihpact toughness at all
strength levels while the Fe/lér/lMo/0.3C élloys had good combinations
" of strength and toughness. Extensive intef-lath retained austenite
films (see Fig. 12) were observed by'transmission electron microscopy
whereas in the Fé/Mo/C allbys-none was detected. This diagram also
shows the effect of gréin refinement for improving the p;operties.
Courtesy Y.-L. Chen.
Fig. 6. Diagram showing schematically the'composition4wave1ehgth variation
for a spinodal with unequal volume fractions of the two phases. The
" change in composition Ac is éssumed to vary linearly with change in
lattice parameters A;.
, Fig: 7. Diagram showing the interfacial dislocations and a slip plane
for'azéemi—coherent spinodal (fec system). Slip dislocations travel.
a maximum-distgnce./?k before interacting égain at the interface.v
(assuming z =.}). The'valueé of p and q are determined by the misfit.
Fig. 8. (a) Opticai photomicrograph and (b) -electron micrégraph of
Fe/4Cr/0.4C’stée1'qugnched from.1200°C showing intergranular cracks
(a) and twinned plates (b). .
(c).OptiCal'and (d) electron miérographs showing grain refinement
- after the double treatment shown in Fig. 9D. Two etchanfs are needed
in (¢) to distinguish the grain structure. In (d) dislocated, auto-
tempered martensite and interlath retained austenites are resolved
(Compare to Fig..8b). This structure is Beneficiél and gives tough-
‘ness - See Figs 9,10. Courtesy B. V. N. Rao
Fig. 9. Carbbn in solution and martensite packet'size are the two most

important parameters influencing intergranular quench cracking in
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\

Fe/4Cr/0;4C'stee1, viz., an increase in eithgr_causes an increase in
thevtransfofmation-strains and the resultant impingemeﬁt stresses

of two growing martensitic packets. Conyentional high temperature
austenitization followed by quenching (Fig. A) invériably leads. to
intercrystaliine cracking due to the large martensite packet size_and‘
the carbon being entirely in solution. After this treatmen;fthe
stéel.failed prematurEIy at'ZOO‘ksivahd'at zero elongation. Conven-

tional grain refinement, involvingvrepeated aﬁétenifizaﬁion and quench~

{

" ing (Fig. B) does not result in any significant improvement in mechani-

Fig.

cal properties since intergranular cracks prodﬁced'during'first quench-

-do notvheal'on subsequent heating. Although the transformation

strains are reduced in the interrupted-quenched specimen (Fig; c),
ﬁhe_iﬁtercrystalline cohesion rgmains poor because of tﬁe large
ﬁarténsite packet size. The speciﬁen after this'freatment does,
ﬁowéver;iYield plastically f&ilowed by failure at 270 ksi. When
this speéimen was re-austenitized at 900°C to refine the grain size

(Fig. D), a substantial improvement in mechanical properties is

,achieved.. A tensile strength of 335 ksi and a 67 elongation have

been obtained. In this case, although the specimen retained most of
the carbon in'solutibn, the much reduced martensite packet size

resulted in elimination of intergranular cracks. Courtesy of B. V.

N. Rao.

10. Relationship between yield strength and Charﬁy—v-notch energy
(a) and plane strain fracture toughness (b) for thevmartensitic'double
treatments and single conventional lower bainitic treatments of

Fe/4Cr/O.4Cvstéelf(see Fig. 9). Courtesy B. V. N. Rao.

lZ6aoprkronoo
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Fig. 11.. Calcuiated electron diffraction pattern for martensite in [111]
withretained austenite and Widmansta;ten cementite.

Fig. 12. Brighﬁ-field image (a) and dark field image (b) of an Fe/1Cr/1Mo/0.3C
steel quenched from 870°C into ice water. Note that the interlath
retained austenite films do not show good contrast in the brigﬁt field
image, but are very-clear in the.(ZOO)Y dark-field image. This is not
always the case; but it serves to illustrate the'iﬁporténcé of the
proper dark field imaging. Courtesy Y.-L. Chen.

Fig.ll3. (a,b).SEM fractographs illustrating improvement in Charﬁy toﬁgh—
ness for Fe/1Cr/1Mo/0.3C steel (a) quenﬁhed from 1200°C, oy = 194 kéi

Ccv 28 ft-1bs and (b) double treated (grain refined) and quenched

oy = 196 ksi Cv = 42 ft-1bs. (c) SEM fractograph showing loss of
toughness due to tempered martensite embrittlement due to trénsforma—
tion of austenite producing 'éarbide_éarticies at interlath boundgries;
oy = 172 ksi Cv = 14 ft-1bs. As for Fig. 13(a), but after 1 hr 350°C

" tempering (See Fig. 5b). 'Courtesy Y.-L. Chen.

Fig. 14, Diagram showing principle of heat-treatment to produce ﬁartensite
dispersions in ferrite. The con§entiona1 gfain refining cycling is
also shown in comparison to that féllowing two phase annealing.
Courtesy J.-Y. Koo.

Fig. 15. Electron micrograph shéwing dislocated martensite and ferrite
in doubly treatéd "INNA" steel. Some hetérogeneous precipit&tion
occurs on dislocations in the ferrite especially after témpering.
Courtesy J.-Y. Koo.

Fig. 16. Summary of mechanical properties of "INNA" steel showing

influence of volume faction of martensite and grain size. Courtesy

. J.~Y. Koo.



=3]=

Fig. 17. Diagram suggesting how multiple phase transformations may be

useful to provide maximum dispersion strengthening through disloca-

tion generation (marténsite) and precipitation:

1l > 2 conventional martensite,

1> 3> 5 conventional ausforming,

1> 2~>5 first ausage, and then transform to martensite or first

spinodally decompose, to disperse particles in austenite, then

quench so as to transform one of the phases to dislocated martensite,

and produce dislocation multiplication.
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Fig. 1 (XBB 758-6514)
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ELIMINATION OF._INTERGRANULAR
QUENCH CRACKING IN A 0.4% C
MARTENSITIC STEEL

SEM FRACTOGRAPH HEAT-TREATMENT

100G - eSO
Room temp, .
asecs 0il_auench
TIME —>
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100°C|-~ s
Room temp. 0if quench O quench
{~25%C) it 2
TIME —+
Unhealed intergranular cracks produced after the first quenching.
ixzara of intergranular and quasi-cleavage [racture modes
are present.
€O mi
100°C}~ S

Mg +320°C

Raam fermp.
(~25°C)

285°¢C|f-

The poor intererystalline cohesion is evident. A mixed
fracture made consisting of quasicleavage and ductife fracture
is obtained in areas where the crack path is transgranular.

Quenciverack-free specimen showing high energy irans:

MECHANICAL PROPERTIES

Percent 1olal elongaticn

Tensile strength (ksi)

Carbon in solution and martensite packet size are the two most important parameters
influencing intergranular quench cracking in Fe/4Cr/0.4C steel, viz., an increase in either of
them causes an increase in the transformation strains and the resultant impingement stresses
of two growing martensitic packets.

c ional high itization followed by ing (Fig. A) invariabiy
leads 10 intercrystalline cracking due to the large martensite packet size and the carbon
being entirely in solution. The specimen after this treatment failed prematurely at 200 ksi
and at zero elongation.

Conventional grain refinement, involving repeated austenitization and quenching {Fig. B)
does nat result in any signifi i in ical properties since intergranular
cracks p during first ing do not heal on heating,

Although the transformation strains are reduced in. the interrupted-quenched specimen
{Fig. C}, the intercrystalline cohesion remains poor because of the farge martensite packet
size. “The specimen after this treatiment does, however, exhibit plastic yielding followed
by failure at 270 ksi. When this specimen was re-austenitized at 900°C to refine the
grain size (Fig. D), a ial i in hanical properties is achieved. A
tensile strength of 335 ksi and a 6% elongation have been obtained. In this ¢ase, although
the specimen retained most of the carbon in solution, the much reduced martensite packet
size resulted in elimination of intergranular cracks.

(XBB 757-5666)
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Fig. 15 (XBB 751-755)
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 SOME METHODS FOR MAXIMISING SUBSTRUCTURE
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LEGAL NOTICE

This report was prepared as an account of work sponsored by the
United States Government. Neither the United States nor the United
States Energy Research and Development Administration, nor any of
their employees, nor any of their contractors, subcontractors, or
their employees, makes any warranty, express or implied, or assumes
any legal liability or responsibility for the accuracy, completeness
or usefulness of any information, apparatus, product or process
disclosed, or represents that its use would not infringe privately
owned rights.
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