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ABSTRACT OF THE DISSERTATION 

 

Controlling Static and Dynamic Multiferroic Effects with Nanoscale Structure 

 

by 

Christopher Ty Karaba 

Doctor of Philosophy in Chemistry 

University of California, Los Angeles, 2024 

Professor Sarah H. Tolbert, Chair 

 

This thesis explores magnetization dynamics in materials to help design future low-power 

electromagnetic devices.  In this thesis, we explore materials for multiferroic composites that can 

couple electricity and magnetism through voltage, rather than current, allowing for the possibility 

of low power control of magnetism.  We study both thin film systems and explore the effect of 

nanostructure on strain-mediated composites, which utilize a ferroelectric material that exhibits a 

strain response to an applied voltage, coupled to a magnetostrictive material, which changes 

magnetization in response to the strain produced by the ferroelectric.   

In the first part of the thesis, yttrium iron garnet (YIG) is studied as a model system for low 

loss magnetic materials – a necessary requirement for high-frequency multiferroic devices.  YIG 

is an ideal magnetic material for high-frequency devices, as it exhibits narrow magnetic 

resonances, but pure YIG has low magnetostriction.  Using sol-gel chemistry, we were able to 

survey a range of cerium- and ruthenium-doped YIG compositions, which have both been shown 

to increase YIG’s magnetostriction to useful levels in bulk crystals.  Homogeneously doped 
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materials were synthesized and characterized, but the polycrystalline nature of the films led to 

significant magnetic losses at high frequency. 

In the second part of the thesis, we explore three-dimensionally coupled porous 

multiferroic composites.  These composites were synthesized by first using block-copolymer 

templating to create a nanoporous magnetostrictive framework.  Atomic layer deposition (ALD) 

was then used to partially coat the inner surface of the pores with a thin layer of ferroelectric 

material, the thickness of which could be varied to change the extent of residual porosity.  We 

found that composites with larger residual porosities exhibited a larger magnetoelectric coupling, 

due to the mechanical flexibility of the pores, which enabled larger strains.  We first studied 

ferroelectric lead zirconate titanate (PZT) in magnetostrictive cobalt ferrite (CFO), and observed 

modest increases in magnetoelectric coupling with increasing porosity.  We hypothesized that this 

was due to the weaker ferroelectricity observed in extremely thin PZT films.  Upon switching the 

ferroelectric to bismuth ferrite (BFO), we find that large (<50%) changes in magnetization were 

possible in samples with the most residual porosity.   
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CHAPTER 1.  

 

Introduction 

The control of magnetism is vital in the operation of many electronic devices.  As electronic 

devices scale down to smaller sizes, this control becomes harder and harder to maintain.  

Traditionally, electromagnets are used to control magnetization via electric current inducing a 

magnetic field fluctuation.  However, electromagnets become difficult to use at smaller scales, 

because resistive losses increase drastically as the cross-sectional area of the current carrying wire 

decreases.  Thus, for nanoscale magnetic devices, a new method of control is needed that does not 

rely on current-based electromagnets.   

Multiferroic materials look like a potential solution to this problem.  Multiferroics are 

materials that show multiple types of hysteretic order – most useful in this context are materials 

that exhibit both ferromagnetism and ferroelectricity.  However, intrinsically multiferroic 

materials are rare, and typically do not have particularly large degree of coupling between the 

electric and magnetic components.  Multiferroic composites offer a way of solving this problem.  

By compositing a piezoelectric material with a magnetostrictive material, we can obtain a coupling 

between electric fields and magnetic fields not found in pure materials.  Multiferroic composites 

allow for control of magnetism at the small scale, by coupling magnetization to voltage through 

strain.  For example, the piezoelectric material can be strained by applying an electric field, the 

strain is then transferred to the magnetostrictive component at the composite interface, wherein 

the strain then changes the magnetization of the magnetostrictive material.  In this thesis, we aim 

to analyze the component materials of the composite, as well as the structure of the composite 

itself, to enhance magnetoelectric coupling for a variety of small-scale electromagnetic devices. 
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In the first part of this thesis (Chapter 2), we focus on better understanding magnetostrictive 

materials for the magnetic component of these multiferroic composites.  In general, for the largest 

magnetoelectric coupling, the magnetostrictive component needs to have large magnetostriction – 

the magnetization can be easily changed by a relatively small amount of strain.  Many of the most 

common materials with large magnetostriction are metallic, conductive materials.  Conductive 

materials can work in some magnetoelectric applications, but present problems at high frequencies.  

High-frequency magnetic electromagnetic waves can induce current in conductive materials, 

leading to large magnetic losses which severely limit performance.  For high-frequency 

applications, an insulating, low-loss magnetostrictive material is thus desirable.  In this work, we 

take one of the lowest magnetic loss materials known, yttrium iron garnet (Y3Fe5O12, or YIG), and 

attempt to increase its magnetostriction to make it a useful magnetic material in these high-

frequency magnetoelectric contexts.  We use sol-gel chemistry to synthesize doped YIG thin films 

known to have increased magnetostriction.  We then characterize the dynamic magnetic behavior 

of these thin films to show that some doped YIG materials, especially those doped with ruthenium, 

can be synthesized without increasing magnetic losses at high frequencies.  However, these losses 

are shown to be strongly dependent on crystal nanostructure, with polycrystalline films showing 

much larger magnetic losses than expected. 

 

In the second part of the thesis (Chapters 3 and 4), we focus on the nanostructure of the 

magnetoelectric composite materials, and in particular we investigate how this nanostructure 

affects the magnetoelectric coupling between materials.  Most commonly, magnetoelectric 

composites are composed of dense, layered materials, that are able to couple via strain at the 
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interface between the layers.  However, this approach limits the amount of interfacial surface area, 

and thus does not generally lead to large strain transfers between materials.  Instead, here we 

investigate nanostructured composite materials that have a three-dimensional interface and thus 

vastly increased interfacial area.  In addition, these nanostructured composites contain open 

residual porosity, which further enhances the amount of strain the system is capable of.  These 

composites are synthesized one material at a time – first, a nanoporous magnetostrictive 

framework is synthesized via block copolymer templating.  Then, atomic layer deposition is used 

to coat the inside of the pores of the magnetostrictive framework with a ferroelectric material.   

 

In chapter three, we investigate a composite composed of lead zirconate titanate (PbZrxTi1-

xO3, or PZT) as the ferroelectric material, and cobalt ferrite (CoFe2O4, or CFO) as the 

magnetostrictive material.  Here, we vary the thickness of the PZT layer to induce different 

amounts of residual porosity in the resulting PZT-CFO composite.  We utilize high-resolution X-

ray diffraction to show that the amount of residual porosity affects magnetoelectric coupling 

greatly, most likely due to the pores having more room to flex.  In chapter four, we introduce a 

different ferroelectric material into the same nanoporous cobalt ferrite framework used in chapter 

three in order to increase magnetoelectric coupling.  Bismuth ferrite (BiFeO3, BFO) has the 

potential to have a more stable ferroelectric response than PZT at the very small sizes used in these 

nanocomposites.  We find that these BFO-CFO nanocomposites show a remarkable 

magnetoelectric coupling of more than a 50% decrease in magnetization upon application of an 

electric field.   
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CHAPTER 2.  

 

Delineating Magnetization Dynamics in Solution-Processed Doped Yttrium Iron 

Garnet Thin Films 

 

Chapter 2 describes the synthesis and magnetic loss in doped yttrium iron garnet films 

prepared by sol-gel chemistry. 

 

This chapter was reproduced from Patel, S.K.; Karaba, C.T.; Tolbert, S.H. “Delineating 

Magnetization Dynamics in Solution-Processed Doped Yttrium Iron Garnet Thin Films” J. Appl. 

Phys. 2023, 133, 014102, with the permission of AIP Publishing. 

 

A reprint of the supporting information is given in Appendix A.  
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Delineating Magnetization Dynamics in Solution-Processed Doped Yttrium Iron Garnet 

Thin Films 

 

Shreya K. Patel, C. Ty Karaba, Sarah H. Tolbert 

 

ABSTRACT.  

In this work, thin films of ruthenium-doped and cerium-doped yttrium iron garnet were 

deposited on silicon using sol-gel chemistry. Doped YIG could be produced in phase pure form up 

to a precursor stoichiometry of Y3Ru0.1Fe4.9O12 and Ce0.7Y2.3Fe5O12. Both dopants significantly 

increase the coercivity and anisotropy field of the materials, either due to domain wall pinning or 

increased spin orbit coupling from the dopant. To delineate these two effects, the dynamic 

magnetic properties were studied using stripline ferromagnetic resonance (FMR). The FMR 

linewidth was separated into intrinsic loss and inhomogeneous line broadening. Inhomogeneous 

line broadening was found to dominate the magnetic losses in all the films, likely due to magnon 

scattering off grain boundaries, but the Gilbert damping remained fairly low. Comparing the two 

dopants, it was found that the Gilbert damping increased more in Ce:YIG films than in the Ru:YIG 

films. This finding was corroborated by changes in the anisotropy field of the films, indicating a 

larger contribution from spin orbit coupling from cerium than from ruthenium. Surprisingly, while 

magnetic loss globally increased with higher substitution, adding a small amount of dopant 

actually reduced the inhomogeneous line broadening in both sets of films. This was corroborated 

by crystallite size. The damping in Ru:YIG also decreased with a small amount of dopant, which 

has been predicted by Kittel for doped garnets. Thus, it follows that there is an ideal doping regime 

where sol-gel YIG can be doped at low levels without increasing magnetic loss. 
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INTRODUCTION. 

Yttrium iron garnet (YIG) is a widely used ferrimagnetic material. Since its discovery, it 

has become extremely popular in spintronic devices, such as in filters1,2 and antenna devices3-5, 

due to its ultralow damping and magnetic softness.6,7 YIG has also been integrated in many 

telecommunication devices, such as isolators8–10 and phase shifters 11–13, since it has the unique 

combination of low optical loss (little absorption in the visible and IR) and a high Faraday effect.  

It has been shown that YIG can be doped with many different transition metal and rare 

earth metals, which can dramatically change its magnetic properties, such as magnetostriction and 

Faraday effect.14–19 In spintronic devices, it is desirable to have materials that exhibit high 

magnetostriction and low magnetic damping. While YIG exhibits extremely low damping, it has 

not been considered for such spintronic applications because it has little magnetostriction. Doping 

YIG with heavier elements, however, has been shown to increase its magnetostriction, and so 

doped YIG has the potential to enable new spintronic devices.16,17,20 In addition, doped YIG, 

particularly with bismuth and cerium, has become extremely popular in telecommunication 

devices, since doping can increase the Faraday effect of the material, increasing its magneto optical 

figure of merit (the Faraday effect of the material divided by its optical loss).14,18,21–23 An increased 

magneto optical figure of merit allows for the miniaturization of telecommunication devices. Thus, 

studies of doped YIG systems are crucial to enable future devices. 

While these results are promising, it has also been shown that doping YIG can increase its 

magnetic loss, which is detrimental to spintronic and telecommunication applications 

respectively.18,24 Thus, device optimization relies on the ability to study and understand the 

magnetic loss over a wide range of doping parameters, including dopant ion, where the dopant 

substitutes, and dopant concentration. Magnetic losses can be characterized by looking at the 
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linewidth of ferromagnetic resonance (FMR). For device design, it is particularly helpful to 

investigate the FMR linewidth across a range of frequencies. This can be accomplished using 

stripline FMR, which allows the FMR linewidth to be studied over a broad range of 

frequencies.25,26 

In this work, we study the effect of doping on FMR at different sites in its crystal structure. 

The structure of YIG is well known.27–29 Within the cubic crystal structure of YIG, there are three 

sublattice sites – dodecahedral (“c” sites), octahedral (“a” sites), and tetrahedral (“d” sites). 

Yttrium preferentially occupies the dodecahedral site. The five Fe3+ ions in a given formula unit 

of YIG are then split between two other antiferromagnetically coupled sites – two Fe3+ ions sit on 

octahedral a sites and the remaining three sit at tetrahedral d sites. As a result, YIG is a ferrimagnet 

with a net magnetization of one Fe3+ ion (5 𝜇𝐵) per formula unit. In addition to the 

antiferromagnetic coupling between the octahedral and tetrahedral sites, there is a weaker magnetic 

coupling between the dodecahedral moment (if present) and the octahedral sites, such that the 

tetrahedral moments couple antiferromagnetically to both the dodecahedral and tetrahedral 

moments.  

In this work, we first investigate doping a heavier transition metal in the octahedral and 

tetrahedral iron sites of the YIG crystal structure.  We chose ruthenium for this, as it has been 

shown to substitute at both the Fe3+ a and d sites in bulk crystals.16,30 Additionally, while it has 

been shown that the FMR linewidth of ruthenium-doped YIG (Ru:YIG) does increase with doping, 

it remains at relatively low levels compared to other magnetic materials in the bulk single crystal 

form.30 However, Ru:YIG has not been investigated in the thin-film form, which is far more 

practical for device integration.   
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In addition to studying the effects of doping a transition metal at the octahedral site, we 

also chose to study the effects of doping at the dodecahedral site to investigate the impact its 

coupling can have on the total magnetic properties of the doped film. We chose cerium-doped YIG 

(Ce:YIG), for this purpose. Ce:YIG is a well-known material for its large magneto-optical figure 

of merit and increased magnetostriction.17,18,31 The choice of Ru:YIG and Ce:YIG help us isolate 

different effects on the magnetic properties.  Ru3+ has the same number of valence electrons as 

Fe3+ (both d5) but greater spin-orbit coupling, while Ce3+ has one valence electron in its 4f orbital, 

in contrast to Y3+, which has a full 4p orbital. This extra electron in Ce3+, as compared to Y3+, has 

been shown to have interesting effects on the magnetic properties of YIG, such as changes in 

saturation magnetization, but its effect on magnetic loss across a range of dopant stoichiometries 

are not well understood.18,22,23,32,33 

While YIG films are often deposited by high energy methods such as sputtering, PLD, or 

LPE, here, we synthesize films using sol-gel chemistry, since it is much more scalable and easier 

to use to study a wide range of dopants. In sol-gel chemistry, metal salts are dissolved in solution 

to for a ‘sol’, and then undergo condensation reactions to form metal-oxygen bonds, resulting in a 

metal oxide polymer known as a ‘gel’. This technique is inexpensive, easily scalable, and allows 

for exploration of a wide range of dopant stoichiometries by simply changing precursor 

stoichiometry. There have been many successful studies that use both wet chemical synthesis and 

solid state chemistry to make YIG powders and nanoparticles.32,34–40 Some of these investigations 

even study magnetic loss using FMR.41,42 While the work on nanoparticles of YIG is interesting, 

thin films are more easily integrated into devices. It has been shown that thin films of YIG can be 

easily deposited on a range of substrates, including silicon, quartz, glass, and lattice matched 

substrates (for example, gadolinium gallium garnet, or GGG) using sol-gel methods.43–48 Some 
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studies have also investigated the dynamic magnetic properties of YIG films using ferromagnetic 

resonance and electron spin resonance.43,49 There has also been previously published work on 

doping sol-gel YIG films, with elements such as erbium, bismuth, and cerium.14,16,20,31,33,35,50,51 

While each of these works characterized the static magnetic properties in depth, many magnetic 

properties, including high-frequency magnetic behavior, have not been previously investigated. 

Furthermore, sol-gel derived ruthenium-doped films have not been previously studied.  

 

MATERIALS AND METHODS. 

Y(NO3)3 ∙ 6H2O, (99.9%, ACROS Organics), Fe(NO3)3∙ 9H2O (99+%, ACROS Organics), 

RuCl3 ∙ xH2O, (35%-40% Ru, ACROS Organics), Ce(NO3)3∙ 6H2O (99.5%, Alfa Aesar), and 

ethanolamine (98+%, Alfa Aesar) were used for the synthesis with no further purification.  

For undoped sol-gel YIG, a modified procedure from the literature was used.43 A 3:5 mole 

ratio of Y(NO3)3 ∙ 6H2O to Fe(NO3)3 ∙ 9H2O was used. In a typical synthesis, Fe(NO3)3∙ 9H2O 

(1.01 g) and Y(NO3)3 ∙ 6H2O, (0.58 g) were dissolved in 1.5 mL of methoxyethanol with 40 𝜇L of 

ethanolamine. The solution was allowed to magnetically stir for several hours, or overnight. For 

doped YIG, the dopant stoichiometry was varied. For Ru:YIG, the dopant ratio ranged from 0.025-

0.1:1 mol (5 – 21 mg of RuCl3 ∙ xH2O) of Ru:Fe, and for Ce:YIG the dopant mole ratio of Ce:Y 

ranged from 0.2-0.8:1 mol [43.4-174 mg of Ce(NO3)3∙ 6H2O]. 

Solutions were filtered with a PTFE syringe filter (Cole-Parmer, 0.2 𝜇m) before spin 

coating onto 2 x 2 cm2 (100) Si substrates. Silicon substrates were washed with ethanol and plasma 

etched before deposition. Films were spincoated at 3000 rpm for 30 seconds. Immediately after 

spincoating, films were calcined on a 400 °C hot plate in air for about a minute, then immediately 

cooled down to room temperature. Though not discussed in this work, this method was also able 
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to be used for other substrates like platinized silicon, (Pt (100 nm) -Ti (5 nm) - SiO2 (thermally 

oxidized, thickness about 1 𝜇m) -Si (100)), thermally oxidized SiO2 (thickness about 1 𝜇m) on 

Si(100)), and GGG, with the exception of not plasma etching the GGG before deposition. Rapid 

thermal annealing (RTA) (MPTC RTP 600xp Rapid Thermal Annealer) was used to crystallize 

the films under oxygen at 900 °C with a 30 second ramp and a 5 minute hold.  

For stripline FMR measurements, it was found that the signal-to-noise ratio was poor for 

films deposited in the way described above. Therefore, thicker, multilayered films (approximately 

200 nm) were made specifically for the stripline FMR measurements. This was done by spin 

coating the sol on silicon, calcining on a 400 °C hot plate, then repeating this process two more 

times for three total layers. The film was then crystallized by the same RTA process with the RTP 

as described above. Characterization of these thicker films can be found in the supporting 

information (figure S1 in the supplementary material).  

X-ray diffraction patterns were collected either through grazing incidence wide angle X-

ray scattering experiments (GIWAXS) with a 2D detector at an X-ray wavelength of λ =0.98 Å 

(thinner films) or using conventional 𝜃 − 𝜃 powder diffraction performed on a PANalytical X’Pert 

Pro diffractometer at Cu Kα (λ =1.54 Å) radiation (thick films). The 2D diffraction patterns were 

reduced to 1D patterns using the WAXtools macro52 in the Nika 2D package53 for IgorPro 6.37 

(WaveMetrics, Lake Oswego, OR, USA). Diffraction patterns were compared to JCPDS reference 

cards #00-043-0507 (for YIG) and #00-001-0800 (for ceria) using X’Pert Highscore Plus 2.0.1. 

Static magnetic properties were measured at room temperature using a Quantum Design MPMS3 

superconducting quantum interference device (SQuID) magnetometer.  

Dynamic magnetic properties were measured using a stripline ferromagnetic resonance 

(FMR) set up as described elsewhere.25,54 Briefly, a short-circuited stripline is connected to a 
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vector network analyzer (VNA). The sample is directly placed under the stripline as the VNA is 

used to tune frequency and a conventional electromagnet is used to tune the magnetic field applied 

parallel to the sample. The reflection coefficient (S11) was measured as a function of both the 

biasing magnetic field and the frequency. As mentioned above, thicker films were needed to obtain 

reasonable absorption in the stripline measurement. While not discussed in this work, the authors 

have also used electron spin resonance (ESR) with an X-band cavity to study dynamic magnetic 

properties. While ESR is tuned to a cavity resonance and thus cannot provide data across a range 

of frequencies as the stripline set up used in this work, the cavity in ESR would allow for the 

detection of small absorbances in thinner films. 

 

RESULTS AND DISCUSSION. 

Grazing-incidence wide angle X-ray scattering (GIWAXS) was used to ensure the desired 

crystal structure of YIG was formed using the sol-gel method for both Ru:YIG and Ce:YIG [Fig. 

1(a)]. Across the range of dopant stoichiometries investigated, Ru:YIG maintained the YIG crystal 

structure up to a dopant concentration of Y3Ru0.1Fe4.9O12 (figure 1(a)). For Ce:YIG, the doped 

films were able to maintain their crystal structure with similar phase purity until a precursor 

stoichiometry of Ce0.75Y2.25Fe5O12 [Fig. 1(b)]. Further cerium substitution resulted in the formation 

of ceria (CeO2).  
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While it could not be seen at the 

resolution of the GIWAXS, the thin films in 

this study are likely under slight tensile stress 

due to the annealing process.  Silicon has a 

much lower thermal expansion coefficient 

than YIG, and so will contract less than the 

YIG layer upon cooling the after RTA 

treatment.  Since the YIG layer is clamped in 

the in-plane direction, the films are thus 

expected to show in-plane tensile stresses.  

The static magnetic properties of the 

doped YIG films were investigated using 

superconducting quantum interference 

device (SQuID) magnetometry (Fig. 2). The 

saturation magnetization of all the sol-gel 

films studied in this work are relatively close 

to the literature values for those of YIG.16–

18,30 However, the saturation magnetization 

of the cerium doped films was found to be 

slightly higher, between 140 and 150 emu/cc. As mentioned previously, the Ce3+ cation has one 

valence electron in its 4f orbital compared to Y3+, which has a full 4p orbital. This extra electron 

at the c site couples to YIG’s ferrimagnetic sublattices, increasing its overall saturation 

 

Figure 2-1. GIWAXS patterns of (a) the most 

doped Ru: YIG film investigated in this work 

(Y3Ru0.1Fe4.9O12) and (b) Ce:YIG films across a 

range of dopant stoichiometries, where ‘x’ 

represents the stoichiometric addition of 

precursor.  

 

 



13 

 

magnetization. This increase in saturation magnetization is documented in the literature, and has 

been observed experimentally in Ce:YIG films deposited by PLD as well.18,22,32 

Here, we paid special attention to the coercivity, which can be indicative of general 

anisotropy trends [Figs. 3(a) and 3(b)]. The coercivity of the undoped films was found to be 

between 20-30 Oe, which is in good agreement with literature values for sol-gel YIG films.32,34,37 

While the coercivities in this work were found to be consistent with other sol-gel films, it is 

important to distinguish that the coercivities of single-crystal films are often reported to be 

significantly lower, around 1-5 Oe.6,55 As will be discussed in detail below, the spin coating 

deposition process results in more defects (such as grain boundaries and pores) than many high-

energy methods of YIG fabrication, including LPE, PLD, and sputtering. Grain boundaries, cracks, 

and pores can cause domain wall pinning, increasing the overall coercivity of the film. 

Additionally, as mentioned previously, the sol-gel films described in this work have residual 

 

Figure 2-2. MH loops for Ru:YIG (a) and for Ce:YIG (b). In all plots, ‘x’ represents 

stoichiometric concentration of dopant in the chemical formula of YIG, so for Ru:YIG, x = 

Y3RuxFe5-xO12 and for Ce:YIG, x = CexY3-xFe5O12.  
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tensile stresses from the difference in thermal expansion between YIG and silicon during the 

annealing process. These stresses add to the films’ overall magnetoelastic anisotropy, which 

contributes to the overall coercivity of the undoped films. Though the coercivities of sol-gel films 

are a bit higher than epitaxial films, the films are still very magnetically soft.  

Having confirmed that the undoped films had comparable coercivities to those reported in 

literature, the coercivities of the doped films were also investigated through SQuID magnetometry 

(Figs. 2 and 3). The coercivity in the Ru:YIG films were found to increase significantly upon 

doping, corresponding to a 39% increase [Fig. 3(a)]. Similarly, the coercivity of the Ce:YIG films 

increased as a function of dopant concentration but showed only a 33% increase across a much 

broader range of doping concentrations [Fig. 3(b)]. Note that there is some variation in the 

coercivity of the undoped YIG due to variations in the sol-gel process, and this likely accounts for 

slightly higher values obtained for Ce:YIG compared to those of Ru:YIG. There are two potential 

causes for the general trend of increasing coercivity as a function of dopant concentration. First, 

the substitution of an atomically heavier element (such as ruthenium for iron and cerium for 

yttrium) has greater spin-orbit coupling, which adds to the doped film’s total magnetocrystalline 

anisotropy. This increase in magnetocrystalline anisotropy should result in increased coercivity in 

the doped film compared to the undoped film.24 Second, as mentioned previously, point defects 

and magnetic inhomogeneities can contribute to the films’ coercivity due to domain wall pinning. 

While the GIWAXS shows that the crystal structure is maintained as being phase pure within the 

detection limit, it is possible that a small amount of the dopant can also sit at grain boundaries, and 

act as pinning sites.  
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In order to delineate whether the coercivity was increasing due to increased magnetic anisotropy 

or from defects caused by the introduction of dopants, the anisotropy field of both sets of films 

were investigated using the commonly-used approach-to-saturation method [Figs. 3(c) and 3(d)]. 

56 Globally, for both Ru:YIG and Ce:YIG films, the anisotropy fields followed the same trend seen 

in the coercivity, showing an increasing anisotropy field with increasing dopant concentration. 

This confirms that the increase in coercivity is most likely a result of increased magnetocrystalline 

anisotropy due to spin orbit coupling introduced by the atomically heavier dopant, rather than the 

increase in coercivity being caused by domain wall pinning at defects introduced by the dopant. 

Interestingly, the anisotropy fields for the Ce:YIG were slightly higher than Ru:YIG (Fig. 3), 

which is to be expected since the Ce:YIG films also showed larger values for coercivity.  

To understand why magnetic 

anisotropy would be higher in the 

Ce:YIG films than in the Ru:YIG films, 

the dynamic magnetic properties of the 

doped YIG films were investigated 

using stripline FMR.25,26,57 In this 

experiment, the sample is placed 

directly under the stripline passing the 

applied frequency, and a conventional 

electromagnet is used to tune the 

magnetic field applied parallel to the 

sample. The normalized reflection 

coefficient (S11, shown by the intensity 

 

Figure 2-3. Trends in coercivity (figure 3a and 3b) and 

anisotropy field (figure c and d) for Ru:YIG (figures 

3a and 3c) and Ce:YIG (figures 3b and 3d).  
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of the color bar below each FMR figure) was measured as a function of both the applied frequency 

and magnetic field. It is important to note that thicker films were used for this experiment in order 

to obtain stronger absorption in the measurement (see experimental for details). Characterization 

for the thicker films can be found in the supporting information. Thicker films in this study were 

needed to obtain reasonable absorption for stripline FMR measurements, and as seen from the 2D 

plots for Ru:YIG (Fig. 4) and Ce:YIG (Fig. 5), the films studied in this way showed strong S11 

absorption, with a liner shift in the resonance frequency as a function of the applied magnetic field, 

as expected.  

The width of S11 absorption 

correlates with magnetic loss, and thus this 

is the key parameter to quantify. We first 

looked at the total magnetic loss of 

undoped films. The linewidth  was 

obtained by plotting S11 absorption as a 

function of the applied magnetic field, and 

then fitting this peak to find the full width 

at half maximum, giving us the linewidth 

in units of magnetic field (Oe). The 

experimentally obtained linewidth for the 

average between two sets of undoped films 

at 4 GHz was found to be about 260 Oe. 

This is much higher than what has been 

observed for epitaxial films of YIG on 

 

Figure 2-4. 2D plots of S11 absorption for Ru:YIG 

films collected from 500 MHz to 5 GHz and from 

a magnetic field of 0 Oe up to 1200 Oe for varying 

dopant concentrations: (a) undoped YIG, (b) x = 

0.025, (c) x = 0.05, (d) x = 0.1 for x = Y3RuxFe5-

xO12. The color bar shows normalized absorption. 
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lattice matched substrate (GGG) made 

from LPE or PLD (from 2-10 Oe at the 

same frequency).6,18,58 In order to 

understand the sources of magnetic 

losses in the sol-gel films utilized in this 

work, we examined the linewidth as a 

function of frequency for both Ce:YIG 

and Ru:YIG [Figs. 6(a) and 6(b)]. 

According to Eq. (1), the linewidth can 

be separated into a frequency-dependent 

component (i.e. Gilbert damping, which 

is generally dominated by eddy current 

losses in metals) and a frequency 

independent inhomogeneous line 

broadening, 59 

 

    ∆𝐻𝐹𝑊𝐻𝑀 = ∆𝐻0 + 𝛼(4𝜋/√3𝛾)𝑓           (1)     

      

Here, ∆𝐻𝐹𝑊𝐻𝑀 is the total FMR linewidth, found by taking the full width half maximum of the 

absorption peak, ∆𝐻0 is the inhomogeneous line broadening, 𝛼 is the Gilbert damping of the 

material, 𝛾 is the gyromagnetic ratio, and 𝑓 is the resonant frequency. The frequency dependent 

losses come from the materials’ intrinsic loss, represented by the materials’ Gilbert damping. 

Inhomogeneous line broadening, ∆𝐻0, is the extrinsic line broadening, caused by magnon 

 

Figure 2-5. 2D plots of S11 absorption for Ce:YIG 

films collected from 100 MHz to 6 GHz and from a 

magnetic field of 0 Oe up to 2000 for varying 

dopant concentrations: (a) undoped YIG, (b) x = 

0.2, (c) x = 0.4 (d) x = 0.6 for CexY3-xFe5O12. The 

color bar shows normalized absorption.  
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scattering off of defect sites, such as pores, cracks, and impurities.60–62 From Eq. (1), the losses 

from inhomogeneous line broadening and the frequency dependent losses can therefore be 

separated by plotting the full width half maximum linewidth (∆𝐻𝐹𝑊𝐻𝑀) and as a function of the 

applied frequency, where the slope of the line is proportional to the frequency-dependent losses 

and the y-intercept is the inhomogeneous line broadening.  

Such linewidth vs. frequency plots for undoped films (black symbols) are shown in Fig. 

6(a) (for Ru:YIG) and Fig. 6(b) (for Ce:YIG). Single crystal YIG is known to have very little 

intrinsic loss, having one of the lowest Gilbert damping factors known, so it can be expected that 

the intrinsic, frequency dependent losses should be quite low23,63. Based on the relatively small 

slope (and thus, damping) of frequency-dependent FMR linewidths in the undoped films, we can 

conclude that the films studied here indeed have low intrinsic losses. We can calculate the Gilbert 

damping (𝛼) by first using the Kittel equation [Eq. (2)] to solve for the gyromagnetic ratio (𝛾) of 

the undoped YIG films, 

 

    𝑓 = (𝛾/2𝜋)√𝐻𝑟(𝐻𝑟 + 4𝜋𝑀𝑠)                         (2) 

 

Where 𝑓 is again the frequency, 𝐻𝑟 is the resonant magnetic field, and 𝑀𝑠 is the saturation 

magnetization of the film, obtained from the SQuID data discussed above.64 Once the 

gyromagnetic ratio has been determined from the Kittel equation (equation 2), equation (1) can be 

used to solve for Gilbert damping. Since experimentally obtained values for resonant magnetic 

field were used to calculate the gyromagnetic ratio, the original Kittel equation does not need to 

be modified to include frequency shifts due to additional magnetocrystalline anisotropy. Values 

for Gilbert damping and inhomogeneous line broadening can all be found in Table I and plots of 
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Gilbert damping as a function of 

dopant concentration can be 

found in Fig. 6(c) (for Ru:YIG) 

and Fig. 6(d) (for Ce:YIG). For 

undoped films, about 90% of the 

total FMR linewidth was found to 

be the result of inhomogeneous 

line broadening, confirming that 

the inhomogeneous line 

broadening is the main source of 

losses in the films in this work. 

The films discussed in this work 

are polycrystalline, and so they contain many grain boundaries. Additionally, as mentioned 

previously, the films discussed in this work are expected to have defects such as micropores and 

cracks due to the sol-gel deposition process. It should also be noted that the films used for stripline 

measurements were multilayered films (see experimental and Fig. S1 in the supplementary 

material for more details and characterization), which can contribute to cracks and defects that 

broaden the linewidth further. These grain boundaries, micropores, and cracks can be seen in the 

cross-sectional SEM image in Fig. S1(c) in the supplementary material, and all should result in 

magnon scattering off these sites, damping the magnetic excitation and causing increased 

inhomogeneous line broadening.59,60,65 

Though solution processing was utilized here because it is scalable and allows us to easily 

tune the dopant concentration, the high inhomogeneous line broadening seen here is a significant 

 

Figure 2-6. Plot of FMR linewidth as a function of 

frequency for (a) Ru:YIG and (b) Ce:YIG and calculated 

Gilbert damping for (c) Ru:YIG and (d) Ce:YIG.  
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disadvantage.  This broadening can be reduced with methods that allow for the growth of single 

crystal, epitaxial films, such as those formed by sputtering on GGG, PLD, LPE, and polymer 

assisted deposition (PAD).6,48,58 Despite the high inhomogeneous line broadening caused by the 

sol-gel process, the Gilbert damping of undoped YIG was found to be quite low (3.0 × 10-3) and 

the films provide an ideal way to examine changes in Gilbert damping as a function of doping 

level. 

 

We now shift to looking at the losses in both sets of doped films. Similar to the undoped 

films, the doped films were found to also have relatively high inhomogeneous line broadening, as 

can be seen by looking at the y-intercepts of the frequency vs linewidth plots for Ru:YIG [Fig. 

6(a)] or Ce:YIG [Fig. 6(b)]; the values are also quantified in Table I. In both sets of doped films, 

as dopant concentration increased, the inhomogeneous line broadening generally increased as well. 

This is likely because the addition of dopants resulted in an increased number of point defects, 

which increased magnon scattering, as discussed earlier. However, since GIWAXS data show no 

signs of impurity phases, we expect impurity domains to make up a relatively small contribution 

of total inhomogeneous line broadening.  Diffraction peak widths also do not change significantly, 

Dopant Inhomogeneous line 

broadening (∆𝑯𝟎) 

Gilbert damping (𝜶) 

Undoped* 262 Oe 3.5 × 10-3 

Y3Ru0.025Fe4.975O12 256 Oe 2.2 × 10-3 

Y3Ru0.05Fe4.95O12 325 Oe 2.4 × 10-3 

Y3Ru0.1Fe4.9O12 445 Oe 4.0 × 10-3 

Ce0.2Y2.8Fe5O12 164 Oe 3.9 × 10-3 

Ce0.4Y2.6Fe5O12 321 Oe 4.3 × 10-3 

Ce0.6Y2.4Fe5O12 354 Oe 4.8 × 10-3 

Table 2-1. Values for inhomogeneous line broadening and Gilbert damping for films studied in 

this work. (*averaged over data from multiple undoped films). 
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suggesting that point defects are also not the major cause of magnetic loss. Thus, we expect that 

the increasing inhomogeneous line broadening as a function of increasing dopant stoichiometry is 

largely a result of the increased magnetic disorder in the sublattice. Since the films studied in this 

work are not fully substituted films, the spins are placed in different electronic environments, 

creating disorder that can inhomogenously broaden the absorption. This has been shown to 

broaden zero field linewidth in other sets of doped YIG films as well.18 Surprisingly, 

inhomogeneous line broadening (and the total linewidth) was found to decrease upon addition of 

only small amounts of dopant [represented by the red data presented in Figs.  6(a) and 6(b)], and 

then to increase again with large dopant addition.  This phenomenon will be discussed later in the 

text. 

While inhomogeneous line broadening is the predominant source of losses in both Ru:YIG 

and Ce:YIG, the frequency dependent losses (i.e. the Gilbert damping) were also found to increase 

as a function of dopant concentration. Gilbert damping values are included in Table I and plotted 

as a function of dopant concentration in Fig. 6(c) (Ru:YIG) and Fig. 6(d) (Ce:YIG). This global 

increasing trend is to be expected, as Ce3+ and Ru3+ are atomically heavier than Y3+ and Fe3+ 

respectively. Heavier ion substitution increases the spin orbit coupling of the overall material, 

which adds additional magnetocrystalline anisotropy. This is confirmed by our earlier findings on 

the anisotropy field of the doped films. This increase in spin orbit coupling causes fast spin 

relaxation, which increases the frequency dependent losses.24 Moreover, in comparing the two sets 

of dopants, it was found that the intrinsic losses in Ru:YIG films [Fig. 7(c)] seemed to increase 

less with subsequent dopant concentration than in Ce:YIG films (figure 7(d)). This is echoed by 

our findings that the anisotropy fields of Ru:YIG [Fig. 3(c)] are smaller than Ce:YIG [Fig. 3(d)]. 

The smaller increase with Ru-doping can be explained by two things. First, the relative 
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concentration of ruthenium in the films studied here is significantly less than the amount of cerium 

dopant in the Ce:YIG films. Second, the relative amounts spin-orbit coupling introduced by 

ruthenium is expected to be less than cerium, as cerium is much heavier than yttrium, while 

ruthenium is only slightly heavier than iron.   

 

Interestingly, while the global trends for magnetic loss are increasing, it was found in both 

Ru:YIG and in Ce:YIG that adding in a small amount of dopant (for Ru:YIG, up to 

Y3Ru0.05Fe4.95O12 and for Ce:YIG, Ce0.2Y2.8Fe5O12) actually decreases the total FMR linewidth 

[Figs. 4(a) and 5(a)], but with higher dopant concentration [Figs. 4(b)-4(d) and 5(b)-(d)], the 

linewidth broadens again. This was surprising, as the magnetic loss was expected to increase 

according to Vegard’s law with additional dopant ion concentration. The decrease in 

inhomogeneous loss can be explained by using the Scherrer width of the (420) peak from the 

diffraction patterns presented in Fig. 1 to calculate a crystalline domain size.  As shown in Fig. 7, 

in both Ru:YIG and Ce:YIG, adding a small amount of dopant produces an increased domain size, 

which is then followed by a decrease in domain size with further doping.  The increase likely 

 

Figure 2-7. Crystallite size calculated from the (420) X-ray diffraction peaks using the 

standard physical Scherrer model for a) Ru:YIG and b) Ce:YIG.  
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results from improved nucleation. Past this initial dopant concentration, however, crystallite size 

is found to decrease, likely due to increased lattice distortion with higher heteroatom content. The 

increase in crystallite size upon addition of a small amount of dopant in both Ru:YIG and Ce:YIG 

is likely the cause of reduced inhomogeneous line broadening due to reduced magnon scattering 

off of grain boundaries.60,61 This is followed by increased inhomogeneous line broadening as the 

grain size decreases at higher dopant concentration again due to magnon scattering off of the now 

increased number of grain boundaries. 

Interestingly, the Ru:YIG samples also showed a decrease in intrinsic broadening at small 

dopant concentrations. It has been proposed by Kittel that if the damping on one sublattice (i.e. the 

dopant sublattice) is much larger than on the other, undoped sublattice, that the Landau Lifshitz 

model can be manipulated to describe the homogeneous linewidth of doped garnets as being: 

 

                              Δ𝐻/𝐻 ≅ 𝛾𝐴/𝛼𝐵𝑀𝐴 ,                        (3) 

 

where Δ𝐻/𝐻 is the homogenous linewidth, 𝛾𝐴 is the gyromagnetic ratio of the undoped magnetic 

sublattice, 𝛼𝐵 is the damping of the dopant sublattice, and 𝑀𝐴 is the saturation magnetization of 

the iron sublattice.66,67 This means that based on the Kittel model, if magnetic damping at the 

dopant site greatly outweighs the damping of the other sublattice, magnetic loss is actually 

expected to decrease at low dopant concentration. Therefore, it can be assumed that at low dopant 

concentrations in Ru:YIG, the magnetic damping on the dopant site is high enough relative to the 

undoped sublattice to follow Kittel’s model for substituted garnets. At higher dopant 

concentrations, such as the range investigated for Ce:YIG, the effective damping at both sites to 

be comparable enough to deviate from the Kittel model. This would result in magnetic loss 
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increasing as a function of dopant concentration as would be expected for substitution of heavier 

elements with high spin orbit coupling. 

This work thus demonstrates that there is an ideal doping regime in YIG films deposited 

with sol-gel methods, where dopant concentration can be maximized while not contributing to the 

intrinsic magnetic loss of the material. At low enough dopant concentrations, the crystallite size 

can be slightly enlarged, reducing inhomogeneous line broadening from magnon scattering off of 

grain boundaries. Additionally, as modeled by Kittel, YIG can be doped in a way where damping 

also decreases. Thus, YIG can be doped such that the magnetic loss decreases while increasing 

spin-orbit coupling, a crucial parameter to macroscopic material properties such as 

magnetostriction. It can therefore be extrapolated that an optimal doping regime can be reached, 

where dopant concentration is maximized while not adding additional magnetic loss. Therefore, it 

is important to carefully evaluate losses over a broad range of dopant concentration in designing 

new low loss magnetic materials for spintronic applications. 

 

CONCLUSIONS. 

In conclusion, we have successfully used sol-gel methods to synthesize YIG films doped 

with both cerium and ruthenium. We have found that the films retain the YIG crystal structure up 

to a dopant stoichiometry of Y3Ru0.1Fe4.9O12 and Ce0.75Y2.25Fe5O12. Static magnetic properties are 

in good agreement with the literature for both Ru:YIG and Ce:YIG. Stripline FMR was then used 

to look at magnetic loss as dopant concentration increased. It was found that while the total 

magnetic loss was high compared to epitaxial and single crystal YIG, the losses were mostly 

attributed to inhomogeneous line broadening, and not Gilbert damping. This shows that these 

dopants may be useful for tuning other magnetic properties like magnetostriction and Faraday 
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rotation if the inhomogeneous losses are lowered. Moreover, it was found at low enough dopant 

concentrations, magnetic loss actually decreases with the addition of dopant (as predicted by 

Kittel). Thus, there exists a critical dopant concentration where YIG can be doped with sol gel 

methods, without increasing intrinsic magnetic losses. 
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CHAPTER 3.  

 

Strain Transfer in porous multiferroic composites of CoFe2O4 and PbZrxTi1-xO3 

 

Chapter 3 describes strain transfer in mesoporous multiferroic nanocomposites of cobalt 

ferrite and lead zirconate titanate, where high-angular resolution X-ray diffraction was used to 

measure strain in the ferroelectric and strain transfer to the magnetic material. 

 

This chapter was reproduced from Buditama, A.N.; Fitzell, K.; Chien, D.; Karaba, C. T; 

Patel, S.K.; Kang, H.; Chang, J.P.; Tolbert, S.H. “Strain Transfer in porous multiferroic composites 

of CoFe2O4 and PbZrxTi1-xO3”. J. Appl. Phys. 2023, 133, 014102, with the permission of AIP 

Publishing. 
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Strain Transfer in Porous Multiferroic Composites of CoFe2O4 and PbZrxTi1−xO3 

 

Abraham N. Buditama,1 Kevin Fitzell,2 Diana Chien,2 C. Ty Karaba,1 Shreya K. Patel,1 Hye Yeon 

Kang,1 Jane P. Chang,2,3,4* and Sarah H. Tolbert1,3,4,* 

 

ABSTRACT. 

 This manuscript examines the mechanism of strain-coupling in a multiferroic composite of 

mesoporous cobalt ferrite (CFO), conformally filled with lead zirconate titanate (PZT). We find 

that when the composites are electrically poled, remanent strain from the piezoelectric PZT layer 

can be transferred to the magnetostrictive CFO layer. X-ray diffraction shows that this strain 

transfer is greatest in the most porous samples, in agreement with magnetometry measurements, 

which show the greatest change in sample saturation magnetization in the most porous samples. 

Strain analysis shows that porosity both accommodates greater lattice strain and mitigates the 

effects of substrate clamping in thin film strain-coupled composites. 

 

MANUSCRIPT. 

Multiferroics are materials that simultaneously exhibit more than one ferroic order 

parameter such as ferromagnetism or ferroelectricity; they are of interest because of their potential 

applications in a wide range of nanoscale devices.132–70 In particular, magnetoelectric multiferroic 

materials couple a magnetic and an electric polarization, but single-phase materials that show this 

property at room temperature are rare.68,69,71–74 Composite materials, however, offer another route 

to magnetoelectric behavior.  Such materials generally use strain-coupling and consist of layers of 

piezoelectric and magnetostrictive materials. As an electric field is applied to the composite, the 
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piezoelectric is strained, and this strain is transferred to the magnetostrictive material, which in 

turn affects the magnetization. This coupling allows the magnetization to be controlled by applied 

electric fields, and vice versa.75–83 Because this technique requires intimate coupling between the 

two phases, numerous synthetic methods and architectures of strain-coupled multiferroics have 

been investigated in the literature, including sequentially deposited two-dimensional stacks, 

spontaneously phase-separated nanopillar arrays, and other three-dimensional 

arrangements.77,78,87–94,79–86 

We have recently shown that porosity is an important control parameter in the synthesis of 

multiferroic composites.83 In our previous work, a mesoporous, magnetostrictive cobalt ferrite 

(CoFe2O4 or CFO) film was filled using atomic layer deposition (ALD) with piezoelectric lead 

zirconate titanate (PbZrxTi1−xO3 or PZT).  The result was an interconnected, three-dimensional 

network containing both CFO and PZT. The final porosity in such a composite can be controlled 

by the initial pore size, which is determined by the polymer template used in the synthesis of the 

initial mesoporous CFO, and the thickness of the deposited PZT layer.  Our results showed that 

the final composite porosity was correlated to a change in magnetic saturation that could be 

achieved upon electrical poling. It was hypothesized that this correlation was due to a link between 

porosity and mechanical flexibility of the composite, but no direct evidence for that hypothesis 

was obtained. Here, we examine the mechanism of magnetoelectricity in these thin film 

composites by depositing a range of thicknesses of PZT in the mesoporous CFO framework and 

measuring the resultant voltage-dependent strain in the CFO framework. 

The mesoporous CFO framework was synthesized using block copolymer–templating of 

sol-gel films, a technique that has been used to produce a wide range of metal oxide materials of 

varying nanoarchitectures.95–104 The CFO sol was templated with an amphiphilic diblock 
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copolymer that forms micelles in solution. As the solution is deposited, the micelles self-assemble 

into periodic structures within the film. Upon pyrolysis, the polymer is removed, leaving a stable 

porous network of CFO.  

This porous film is then conformally coated with PZT using ALD, which grants uniformity 

over the entire structure because this technique obtains layer-by-layer growth through a self-

limiting surface reaction. Alternating pulses of gaseous precursors completely saturate all available 

surface sites, allowing conformal deposition over the entire porous network. ALD also allows for 

fine control over the thickness deposited, and thus over the final porosity of the composite material. 

This method thus provides new functionality compared to composites in the literature, which thus 

far have been dense structures that lack porosity. Here we aim to use high-resolution X-ray 

diffraction on films as a function of ex situ poling field to explore the mechanisms of strain 

coupling in this porous composite. 

Synthetic details for both CFO and PZT have been discussed previously.83,95,105 Briefly, 

poly((ethylene-co-propylene)-block-poly-(ethylene oxide) with a mass ratio of PEP(3900)-b-

PEO(4000) was used to template a sol based on nitrate salts of Co and Fe. Films were dip-coated 

onto silicon wafers in a humidity-controlled chamber set to 10–20% relative humidity. The 

withdrawal rate was usually 2 mm/s but can be varied, depending on desired thickness. To form 

rigid inorganic/organic structures, the films were calcined in air at 80°C for 6 hours, at 130°C for 

8 hours, and at 180°C for 6 hours for a total heating time of 24 h including temperature ramps. 

Once calcined, films were annealed at 550 °C with a 10 °C/min ramp for 5 minutes. 

PZT was deposited via ALD using Pb(TMHD)2, Ti(O-i-Pr)2(TMHD)2, and Zr(TMHD)4 as 

precursors.  PZT was deposited at no more than 180 °C in an amorphous form and then crystalized 
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into tetragonal PZT by rapid thermal annealing at 700 °C under oxygen for one minute.  Here, the 

PZT layer thicknesses range from 3 nm to 10 nm. 

The morphology and thickness of the nanocomposites was confirmed using a JEOL JSM-

6700F field-emission scanning electron microscopy (FE-SEM). Ellipsometric porosimetry (EP) 

was performed on a Semilab PS-1100 in the spectral range of 1.24 eV to 4.5 eV. A UV-vis CCD 

detector adapted to a grating spectrograph analyzes the signals reflected by the sample from a 

75 W Hamamatsu Xe lamp. Toluene was used as the adsorbent and the EP analysis was performed 

using the associated SEA software. Angular-dependent X-ray diffraction (XRD) was collected at 

the Stanford Synchrotron Radiation Laboratory (SSRL) using beamline 7-2 at wavelengths λ = 

0.9919 Å and 1.0332 Å. Magnetic measurements were carried out on a Quantum Design MPMS 

5T SQUID magnetometer with RSO detection. 
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Because our previous work indicated the importance of residual porosity in multiferroic 

composites, we first 

characterized the porosity of 

the composites using 

ellipsometric porosimetry (EP).  

EP adsorption/desorption 

curves for samples with various 

PZT layers (Figure 1a) show 

that as thicker PZT layers are 

deposited, less porosity is 

observed. The samples with 

0 nm and 3 nm of PZT show a 

distinct type IV isotherm, 

which signifies an 

interconnected porous network. 

 

Figure 3-1. Ellipsometric porosimetry adsorption/desorption 

curves (a) show reduced porosity with increasing PZT 

thickness. Calculated porosity values are 26.0%, 15.3%, 6.6%, 

and 0.03%, respectively. SEM images (b) show gradual filling 

of the CFO framework. From the top, the CFO layer is filled 

with 0 nm, 3 nm, 6 nm, and 10 nm of PZT. 
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The calculated porosity values are 26.0% for the 0 nm 

PZT sample, 15.3% for 3 nm, 6.6% for 6 nm, and 

0.03% for 10 nm.  The PZT in these as deposited films 

are amorphous, but previous work83 has shown that 

the PZT can be crystallized to the ferroelectric 

tetragonal phase.  We find that redistribution of the 

PZT in the pores can block the small necks in the 

structure, impeding toluene access to the pores.  As a 

result, SEM was used to characterize the samples after 

crystallization. SEM images of the samples with 

crystallized PZT layers (Figure 1b), from top to 

bottom, show reduced porosity as thicker PZT layers 

are deposited. The unfilled CFO framework exhibits 

ordered porosity, which is distorted by grain growth 

upon annealing of the PZT layer. For this reason, the 

10 nm sample still appears to be somewhat porous by 

SEM, even though access into the porous interior is 

stopped by pore necks that had been completely 

stoppered by PZT, as seen from the EP 

adsorption/desorption curves.  

To determine the magnetoelectric coupling of 

these thin film composites, they were electrically 

poled ex situ with the electric field applied 

 

Figure 3-2. M–H loops of the CFO/PZT 

composites show a reduced change in 

magnetization saturation upon 

application of an electric field in less 

porous samples. The direction of the 

applied electric field and the measured 

magnetization were both out-of-plane 

(perpendicular to the sample substrate). 
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perpendicular to the sample surface (henceforth referred to as out-of-plane). The films were 

covered with a 13 µm polyvinylidene chloride spacer and physically sandwiched between two Al 

electrodes 1.28 cm in diameter. The nanocomposite was electrically poled for 10 min with applied 

electric fields ranging from 0 MV m−1 to 1.42 MV m−1. As such, the strains and polarizations 

explored in this paper are remanent ones. While it is true that much of the strain and polarization 

will be lost upon removal of the applied field, the remanent polarization stabilizes within 

milliseconds and can be assumed to be constant throughout the measurement.106,107  

Magnetization measurements show a decrease in out-of-plane saturation magnetization 

upon electrical poling, which is correlated with porosity of the composite (Figure 2). The sample 

with the thinnest PZT layer shows the largest change in saturation magnetization, and the sample 

with the thickest PZT shows hardly any change. Because polarization in ultrathin PZT is known 

to decrease with thickness,108,109 this trend is likely due to the mechanical properties of the porous 

composite, rather than any favorable change in the PZT itself. The films with the thinnest PZT are 

also the ones with the highest porosity, and therefore the greatest mechanical flexibility, as pore 

flexion accommodates significant strain changes in the material.95,96,110 

The role of porosity in magnetoelectric coupling is corroborated by strain analysis of the 

CFO layer. Synchrotron high-resolution XRD was used to probe the differences in both out-of-

plane and in-plane (parallel to the substrate) lattice spacings. The CFO{311} and PZT{200} peaks 

were relatively well resolved and were treated as representative of overall strain changes in both 

materials.  Because these films consist of polycrystalline CFO and PZT with no preferred 

orientation with respect to the substrate, any lattice plane can be used to report on the overall strain 

state of the material. As shown in Figure 3 and expected based on the magnetization data, the 

CFO{311} out-of-plane lattice spacing increased upon ex situ electrical poling, and the magnitude 
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of the change was directly correlated to the porosity of the composite. As the porosity decreased, 

the strain transferred upon electrical poling also decreased (Figure 3). CFO exhibits negative 

magnetostriction, and so out-of-plane tension directly corresponds to the reduced magnitude of 

change in out-of-plane 

magnetization saturation. 

Even though CFO is 

not a piezoelectric, it is strain-

coupled to one, and so we can 

calculate the strains when 

1 MV m−1 has been applied 

and then removed from the 

sample.  While this strain is not 

a real piezoelectric coefficient, 

it relates a remanent strain to 

an ex situ electric field, and so 

we give it the symbol 𝑑33
′ .  

Values of 𝑑33
′  ranging from 𝑑33

′  = 590 × 10−12 m V−1 for the composite with the highest porosity 

(3 nm PZT), to 𝑑33
′  = 130 × 10−12 m V−1 for the composite with lowest porosity (10 nm PZT), 

which is comparable to true piezoelectric coefficients of PZT.111–113 These values demonstrate 

more than a fourfold reduction in strain transferred when porosity is removed from the sample. 

Again, we emphasize that these calculated values are not true piezoelectric coefficients because 

they relate the remanent strain to an ex situ applied field instead of the instantaneous strain to an 

in situ field; the instantaneous piezoelectric coefficient should be higher indeed. 

 

Figure 3-3. Samples with less PZT and thus greater porosity 

show greater change for both CFO out-of-plane saturation 

magnetization (a) and strain (b). The saturation magnetization 

is obtained from the data shown in Figure 2. The strain is 

calculated by measuring the peak shifts in the XRD spectra of 

the CFO{311} peak positions.  
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No significant change upon electrical poling was found in the in-plane saturation 

magnetization nor in the CFO in-plane strain. The CFO framework is covalently bound to the 

substrate and is unable to move in plane because of substrate clamping. Because its strain is 

unchanged, the CFO in-plane magnetization is also unchanged. However, the PZT layer is 

deposited onto the CFO framework itself, and as such is not constrained by the substrate. As the 

PZT deforms due to the out-of-plane electric field, strain can be expressed as out-of-plane tension 

or in-plane compression. This strain is transferred to the clamped CFO framework and can be 

expressed only as the aforementioned out-of-plane tension. Interestingly, analysis of PZT strain 

reveals contribution from both in-plane 

compression and out-of-plane tension. Similar 𝑑′ 

coefficients calculated for PZT show comparable 

strains to the CFO, but with more noise, because 

the PZT layer is mere nanometers thin and thus 

diffracted intensity is weaker. The greatest PZT 

strains are in the most porous sample (3 nm PZT) 

and are shown in Figure 4.  The data shows 

changes in both in-plane and out-of-plane lattice 

constants, and demonstrate that the PZT is not at 

all substrate clamped. The strains are calculated to 

be 𝑑31
′  = −670 × 10−12 m V−1 in-plane and 𝑑33

′  = 

130 × 10−12 m V−1 out-of-plane. These values are 

comparable to that of the CFO, suggesting that 

much of the strain had indeed been transferred. 

 

Figure 3-4. The magnitudes of the in-plane 

and out-of-plane PZT strains are 

comparable to those of the CFO. PZT 

strains are calculated by measuring the 

shifts in the XRD spectra of the PZT{200} 

peak positions. 
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Thus, from strain analysis of this free PZT layer, we see that three-dimensional porosity has an 

advantage over traditional two-dimensional structures where multiple layers are clamped together 

and to the substrate.  In a three-dimensional structure like this one, the pore-filled material can 

remain unclamped if sufficient residual porosity is retained. 

Overall, these experiments have allowed us to explore the mechanism of strain-coupling in 

porous magnetoelectric CFO/PZT composites. These thin films are composed of a templated 

mesoporous CFO framework, which is subsequently filled by ALD PZT of varying thicknesses. 

As the samples are electrically poled out-of-plane, X-ray diffraction shows that the piezoelectric 

PZT layer may exhibit both out-of-plane tension and in-plane compression. This strain is 

transferred to the magnetostrictive CFO layer, which results in decreased out-of-plane saturation 

magnetization as measured by SQUID magnetometry. The strain transfer is greatest in samples 

with the greatest porosity, as pore flexion accommodates greater strains in the material. This 

porous architecture thus offers not only greater mechanical flexibility than traditional composite 

architectures, but also mitigates the effects of substrate clamping for the ALD layer.  Perhaps more 

importantly, the observation of in-plane compression in what could have been a clamped PZT 

layer provides insight into the use of porosity in the design of future porous multiferroic 

composites. 
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CHAPTER 4.  

 

Increased Magnetoelectric Coupling in Porous Composites of CoFe2O4 and BiFeO3 

with Residual Porosity 

 

Chapter 3 describes mesoporous multiferroic nanocomposites of cobalt ferrite and bismuth 

ferrite, which demonstrates that porosity can allow for more efficient strain transfer and thus high 

magnetoelectric coupling. 

 

This chapter was reprinted with permission from Patel, S.K.; Karaba, C.T.; Robertson, 

D.D.; Chang, J.; Fitzell, K.; Salamat, C.Z.; Chang, J.P.; Tolbert, S.H. "Increased Magnetoelectric 

Coupling in Porous Composites of CoFe2O4 and BiFeO3 with Residual Porosity" ACS Appl. Nano 

Mater. 2023, 6, 4141-4150. Copyright 2023, American Chemical Society. 

 

A reprint of the supporting information is given in Appendix B.  
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Increased Magnetoelectric Coupling in Porous Nanocomposites of CoFe2O4 and BiFeO3 

with Residual Porosity for Switchable Magnetic Devices 

 

Shreya K. Patel,1‡  C. Ty Karaba, 1‡ Daniel D. Robertson,1 Jeffrey Chang,2 Kevin Fitzell,2 

Charlene Z. Salamat,1 Jane P. Chang,2,3,4 Sarah H. Tolbert1,3,4,* 

ABSTRACT.  

In this work, multiferroic thin film  nanocomposites were synthesized by coating the inside 

of mesoporous, cobalt ferrite (CoFe2O4, or CFO) with varying thicknesses of piezoelectric  bismuth 

ferrite (BiFeO3, or BFO) grown by atomic layer deposition (ALD). Since ALD allows for precise 

control of the BFO layer thickness, the amount of residual porosity inside the pores can be 

controlled. Upon electrical poling, the piezoelectric BFO strains to be under out-of-plane tension, 

and since BFO is covalently bound to CFO, this tensile stress is transferred from BFO to CFO. 

CFO is a negative magnetostrictive material, meaning its magnetization should decrease in the 

direction of tension. This decrease in magnetization was observed in out-of-plane magnetometry 

experiments. Interestingly, the magnetization changes were found to be largest in the samples with 

the most residual porosity, despite the fact that they contained the smallest volume of BFO. Indeed, 

while the fully-filled samples had a similar magnetoelectric coefficient to other dense 

nanostructured BFO-CFO composites reported in the literature, composites with the most residual 

porosity showed an exceptionally large converse magnetoelectric coefficient of 1.2 × 10-6 s∙m-1, 

an order of magnitude higher than dense composites. Strain transfer was confirmed using high-

resolution X-ray diffraction. Samples with more residual porosity showed larger strain changes, 

corroborating the magnetization data. This suggests that magnetoelectric coupling can be 

optimized by engineering residual porosity into multiferroic composites. Such systems have 
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profound effects for a broad range of switchable magnetic devices, particularly in the microwave 

and spintronic space. 

 

INTRODUCTION.  

Conventional electromagnets use current to control magnetism, but for the development of 

nanoscale devices, it is crucial to be able to control magnetization with voltage to mitigate Ohmic 

losses.114 Multiferroics, materials that exhibit multiple forms of ferroic ordering (including 

ferroelectricity, ferromagnetism, and ferroelasticity), can enable voltage-control of magnetism for 

such devices.68,71 Because there are only a few known room temperature multiferroic materials, 

strain-mediated multiferroic composites have been developed to address the demand for voltage 

control of magnetism.72,73 Such composites couple a piezoelectric material, which strains in 

response to an electric field, to a magnetostrictive magnetic material, which changes magnetization 

as its magnetic domains rotate in response to strain. In the composite, when the piezoelectric is 

electrically poled, the magnetostrictive material will also be strained, which changes its 

magnetization. The field of strain-mediated magnetoelectric composites has flourished in the past 

few decades, with a wide range of bulk115 and thin film1,116–119 systems showing large 

magnetization changes. Indeed, these materials have already been successfully integrated into real 

devices, especially in the microwave space.94,120,121 For example, the size of traditional antenna 

devices is dictated by its signal wavelength, which makes downsizing very difficult. However, 

multiferroic antenna devices offer a unique design solution allowing conventional antenna devices 

to be downsized by orders of magnitude.3,4,122 These devices utilize strain mediated composites to 

read/transmit signals. Out-of-plane strain in the magnetostrictive material creates an acoustic wave 

in response to the incoming electromagnetic wave. This magnetostrictive material is coupled to a 
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piezoelectric, which can convert the acoustic wave into a voltage that is usable as an electric signal. 

Thus, the multiferroic antenna is able to convert an electromagnetic signal into a readable voltage, 

without the same size constraints as traditional antenna devices. 

While this class of composite materials has already had a large impact in the field, the 

efficacy of strain-mediated multiferroics can be greatly enhanced with nanoscale architecture. 

Increased interfacial surface area between the magnetostrictive material and the piezoelectric 

materials can result in greater magnetoelectric coupling. Additionally, nanostructured architecture 

offers an additional advantage over bulk or bilayer films, since they can reduce the effect of 

substrate clamping, or the prevention of in-plane strain due to covalent binding of a thin film to 

the substrate. Thus, many nanoscale architectures have been employed in magnetoelectric 

multiferroic coupling, such as in co-deposited systems with spontaneous phase separation88,123,124, 

multilayer thin films125–127, solution-based systems of nanoparticles in a matrix128–130, polymer 

assisted deposition131,132, and core-shell nanoparticle systems90,133,134.  

Although previous work has shown many methods of maximizing the magnetostrictive-

piezoelectric interface, the strain in dense nanostructured materials is still limited by clamping at 

the interfaces.123,135 In other words, if there is no room for the materials to flex within the 

composite, that limits the maximum strain that can be achieved. In this work, we employ a unique 

strategy in strain-mediated multiferroic systems – engineering residual porosity into the 

composites.  This poses a unique advantage over, say, epitaxial multiferroic composites. In 

epitaxial composites, there is maximum contact between the ferroelectric and the magnetostrictive 

materials. This results in very high strain transfer between the two materials and has thus resulted 

in a wide range of systems that exhibit large magnetoelectric coupling.84,136–139 However, one of 

the primary limitations in epitaxial films is that they suffer from substrate clamping – the thin 
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composite film is still bound by the lattice constant of the substrate that the films are grown on. 

Porosity helps alleviate substrate clamping because porous structures are more mechanically 

flexible than their dense counterparts, which will make them easier to strain in magnetoelectric 

composites.140–142 This theory was reinforced by previously performed finite element modeling on 

similar multiferroic composites with residual porosity.143 We found that there are two competing 

effects in the overall strain response from the porous composite – strain from the mass fraction of 

piezoelectric in the composite, and the increase in mechanical flexibility in the composite from the 

porosity. It was found that, in piezoelectric layers of the same thickness as those used in this work, 

that the increase in strain from increased mechanical flexibility outweighed the effect from larger 

mass fractions of the piezoelectric. Thus, the porosity makes the composite more mechanically 

flexible than epitaxial films, which makes them easier to strain.  

Recently, we were able to demonstrate that residual porosity could be engineered into 

multiferroic composites.83,143,144 We developed the nanocomposite architecture by filling a 

mesoporous, magnetostrictive template with a piezoelectric material. Here, we specifically chose 

cobalt ferrite (CoFe2O4, or CFO) as our magnetic material for its large magnetostriction value.145 

To make porous CFO, block copolymer templating of a sol gel synthesis with Co and Fe precursors 

was used.95 In sol gel chemistry, metal precursors are dissolved in a ‘sol’, and then undergo 

condensation reactions to form a metal-oxide polymer matrix known as a gel. Amphiphilic block 

copolymers are added to the sol, which self-assemble into micelles. The gel can then be solution 

processed to make thin films on a variety of substrates. Here, the templated gel was spin-coated 

onto platinized silicon substrates (Pt (100 nm)/Ti (5 nm)/SiO2 (~ 1 𝜇m)/Si). Upon annealing, the 

CFO is crystallized into polycrystalline thin films and the polymer micelles are pyrolyzed, leaving 
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pores behind in the structure. This technique is robust and has been used to make a wide range of 

porous metal oxide materials.97,146,147   

With the CFO framework in place, we then use atomic layer deposition (ALD) to coat the 

inside of the pores. ALD is a deposition method where metal precursors are volatilized and then 

react with available surface sites. Since ALD is a gas phase deposition, precursors can easily pass 

through the pores and bind to the surface sites inside the CFO framework. ALD is also known as 

a conformal technique, meaning that it is highly capable of homogeneously coating extremely high 

aspect ratio structures; this should allow for uniform deposition of BFO throughout our porous 

CFO structures. Importantly, because the number of surface sites are finite, the reaction is self-

limiting. Therefore, ALD provides precise control of film thickness and stoichiometry, on the near-

angstrom level. The residual porosity can thus be carefully controlled through the ALD layer 

thickness. Once deposited, the amorphous ALD films were crystallized using rapid thermal 

annealing (RTA) under oxygen for 1 minute at 700 C.  

In our previous work, we were able to synthesize CFO using block copolymer templating, 

as described above, that was fill with ALD-grown lead zirconate titanate (PbZr00.48Ti0.52O3, or 

PZT).83,105 Here, we hypothesized that upon out-of-plane electrical poling, that the PZT would 

strain to be under out-of-plane tension and in-plane compression. Since the CFO is covalently 

bound to PZT, and thus is strain-coupled to it, we expected it to also be under out-of-plane tension 

and in-plane compression. Since CFO is a negative magnetostrictive material, its magnetization 

should decrease in the direction of tension. Thus, in these composites, we were able to measure 

the out-of-plane tensile strain change with high-resolution X-ray diffraction and observe the 

corresponding decrease in magnetization with magnetometry experiments in poled samples. The 

PZT layer thickness was varied, leaving composites with a range of residual porosity.  That was 
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the first system where we found that increasing residual porosity in these samples could lead to 

larger changes in magnetization. Magnetization changes correlated well to the strain changes, as 

probed by high-resolution X-ray diffraction, with samples that showed larger residual porosity also 

showing increased strain change upon application of an external electric field.143,144 Additionally, 

finite element modeling performed on this system confirms that the driving reason for increased 

strain is because the porous composite is less stiff, which effectively competes with the loss of 

piezoelectric mass fraction. The non-monotonic strain response was modeled to account for these 

two competing effects and was found to match the experimental strain values obtained from high-

resolution diffraction in the CFO-PZT composites. While the dependence on porosity was clear 

from that work, the absolute magnetization change was fairly small, since the piezoelectricity in 

PZT is very sensitive to thickness. 

In this work, we build upon those previous results and show both that this phenomenon can 

be generalized to multiple piezoelectric materials and that the performance can be optimized by 

selecting materials with ideal properties. As described above, magnetization and strain changes in 

the CFO/PZT composites were the largest in the thinnest PZT coated samples. However, the 

piezoelectricity of PZT becomes unstable below a certain thickness, greatly reducing its d33, or 

piezoelectric coefficient (longitudinal strain change for a given electric field).148–150 Bismuth 

ferrite (BiFeO3, or BFO), however, maintains higher d33 values than PZT in the ultrathin ( < 5 nm) 

regime.105,151,152 Thus, while PZT has a higher d33 than BFO in the bulk, BFO is expected to have 

a higher d33 in ultrathin films, meaning the magnetization changes are also expected to be larger. 

In this work, we thus focus on CFO/BFO composites, and show that the trend of increasing 

multiferroic coupling with increasing porosity is robust across materials systems.  We also show 

dramatically increased performance in this more optimized materials system.  
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EXPERIMENTAL SECTION. 

Synthesis of CFO-BFO Nanocomposite. Synthesis of porous CFO95,144,153 and ALD deposition 

of BFO151,152 have been discussed previously. A schematic of the synthesis can be found in Fig. 

1(a). For the porous CFO template, a sol gel synthesis containing stoichiometric amounts of Co 

and Fe precursors (in this work, Fe(NO3)3 · 9H2O(0.31 g) and Co(NO3)2 6H2O (0.11 g)) were 

dissolved in 1 mL of 2-methoxyethanol, 1 mL of ethanol, and 20 𝜇L of glacial acetic acid. Once 

dissolved, the sol was templated with poly((butadiene)(5500)-block-poly-(ethylene oxide)(7500)) 

(Polymer Source Inc, catalog number P2952_BdEO).  In this work, a templating solution 

containing 40 mg of the block copolymer was added to 1 mL of ethanol, then was stirred, and 

heated on a 50 °C hot plate to dissolve the polymer for approximately an hour. Once homogenous, 

the templating solution was added to the sol.  

Films were then dip-coated from this solution onto silicon with a platinum back electrode 

(Ti(5 nm)/Pt (100) deposited on thermally oxidized silicon) under 10-20% humidity. Films were 

calcined in air at 80 °C for 6 hours, at 130 °C for 8 hours, and at 180 °C for 6 hours. Once calcined, 

films were crystallized through annealing overnight at 550 °C with a 10 °C/min ramp and cool.  

For ALD BFO, metal alkoxide precursors β-diketonate, tris(2,2,6,6-tetramethyl-3,5-

heptanedionato) iron(III) (Fe(TMHD)3), and Bi(TMHD)3 were co-reacted and oxidized with 

radicals, forming amorphous films. It should be noted that further heating beyond the temperature 

required for crystallization (550 °C) can warp the pore network, so we limited the crystallization 

time to 1 minute using an RTA process to maintain the ordered pore structure. Therefore, once 
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deposited, ALD BFO was crystallized through rapid thermal annealing at 700 °C under oxygen 

for 1 minute in a tube furnace. 

Instrumentation. Ellipsometric porosimetry (EP) was performed using a Semilab PS-

1100 in the spectral range of 1.0 eV to 5.0 eV. Toluene was used as the adsorbent and the EP 

analysis was performed using SEA software. Imaging and energy-dispersive X-ray spectroscopy 

on the nanocomposites was confirmed using a JEOL JSM-6700F field-emission scanning electron 

microscopy (FE-SEM). XPS was performed on a Kratos Axis Ultra DLD spectrometer with a 

monochromatic Al Kα radiation source. A charge neutralizer filament was used to prevent the 

charging of the BFO/CFO films. Both spectra were calibrated using the adventitious Carbon 1s 

peak. Analysis was performed on CASA XPS Software using the CASA XPS Library. S/TEM 

imaging was performed using a FEI Titan scanning transmission electron microscope operated at 

an accelerating voltage of 300 kV. This instrument is equipped with Oxford X-MaxTEM 100 N 

TLE Windowless silicon drift detector (SDD) 100 mm 2 EDS and a Gatan Ultrascan 2 K × 2 K 

charge-coupled device (CCD) camera. To prepare samples, films were detached from the substrate 

with a razor blade, suspended in ethanol, and drop-cast onto copper grids for analysis. Grazing 

incidence wide angle scattering (GIWAXS) was collected at Stanford Synchrotron Radiation 

Laboratory (SSRL) using beamline 11-3. 2D patterns were reduced to 1D patterns using IgorPro 

6.37. 1D patterns were then compared to JCPDS reference cards #00-001-1121 (for CFO) and #00-

014-0181 (for BFO) using X’Pert Highscore Plus 2.0.1. Magnetic measurements were carried out 

on a Quantum Design MPMS3 superconducting quantum interference device (SQuID) 

magnetometer. Polarization – electric field characterization was carried out on a precision RT66C 

Ferroelectric Tester (Radiant Technologies). For magnetoelectric coupling testing, samples were 

poled in between two aluminum stubs, with a dielectric spacer (12.7 𝜇m thick) on top to prevent 
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shorting (see Fig.  S8). The stubs were wired to an Agilent power supply connected to an amplifier. 

High angular resolution X-ray diffraction (XRD) was collected at SSRL using beamline 7-2 at 

wavelengths λ = 0.886 Å.  
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RESULTS AND DISCUSSION. 

First, we set out to characterize the unfilled CFO framework. An SEM image showing the 

morphology of the unfilled CFO template is shown in Fig. 1(b). The porosity is relatively ordered, 

with pore sizes ranging from 10-13 nm. We then turned to characterize the composite with 

elemental mapping. Energy-dispersive X-ray spectroscopy (EDS) was used to observe the relative 

 

Figure 4-1. Synthesis and characterization of multiferroic nanocomposites. (a) Schematic 

illustrating the synthesis of multiferroic nanocomposites with residual porosity, (b) SEM 

image of unfilled, porous CFO template with pores from 10-13 nm, (c) GIWAXS 1D patterns 

for the porous CFO template alone (black), 12 nm filled BFO nanocomposite (grey). Asterisks 

represent likely Pt back electrode peaks. 
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elemental ratio between the cobalt and iron in the composite films, which show the expected 1:2 

atomic ratio for CFO [Fig. S1(a-b)]. The quantification of cobalt and iron is echoed by STEM-

EDS of the 6 nm composite (Fig. S2). We also used grazing incidence wide angle scattering 

(GIWAXS) to confirm the crystal structure of the CFO template [Fig. 1(c)]. GIWAXS confirms 

the porous CFO template is crystalline and has the expected Spinel crystal structure in the 

composite. CFO template films for all the composites was intentionally kept the same film 

thickness in order to keep the strain from substrate clamping the same. We note that the CFO 

template itself and the composite films are under some strain from the difference in thermal 

expansion coefficient. More discussion of the initial macrostrain state of the CFO template (Fig. 

S3) and the composites (Fig. S4), as well as the microstrain state of the composites (Fig. S5) can 

be found in the supporting information. 

The thickness of the BFO layer in the composites was varied across samples, filling the 

pores of CFO to approximately 3 nm, 6 nm, 9 nm, 12 nm filled. First, we set out to perform 

elemental analysis on the resulting composites. In both composites, we see the cobalt and iron L-

edges in the appropriate 1:2 atomic ratio expected for CFO. In EDS, we observe a small peak at 

2.4 keV that matches the bismuth M edge energy level in both the 3 and 6 nm sample [Fig. S1(a-

b)].  The bismuth fraction can be quantified for the 6 nm film [Fig. S1(b)], but the error is too large 

for the 3 nm sample. The quantification of bismuth, cobalt, and iron is echoed by STEM-EDS of 

the 6 nm composite (Fig. S2). Since the volume of BFO is so small, we turned to XPS to more 

clearly observe the BFO layer [Fig. S1(c)]. In the 3 nm sample, we observe the bismuth 4f, 5p, and 

5d energy levels [Fig. S1(c)]. We also observe cobalt and iron, as we would expect for CFO. In 

the 6 nm sample, however, we only see the bismuth and iron from BFO, and no cobalt [Fig. S1(d)]. 

This result nicely confirms the presence of thicker surface films in the 6 nm sample, as 6 nm should 
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be greater than the XPS penetration depth and the CFO component of the composite should not be 

observable in this sample. 

Following the synthesis and characterization of the composites, we then set out to 

characterize their morphology. As can be seen from SEM images of the filled composites, the pore 

diameters were found to be about 10-13 nm in unfilled CFO [Fig. 1(b)] and then gradually decrease 

with increased BFO layer thickness [Fig. 2(a)]. The residual porosity was determined using 

ellipsometric porosimetry with toluene gas vapor as the adsorbent [Fig. 2(b)].154 The isotherms for 

each sample show a hysteretic response, indicating that the nanocomposites have an interconnected 

pore network.155 As can be seen in the isotherms in Fig. 2(b), as the BFO layer thickness is 

increased, the sample porosity decreases, down to nearly 0% porosity in the fully-filled 

nanocomposite. This monotonic trend is what we would expect with the BFO layer thickness from 

 

Figure 4-2. Morphology and residual porosity in multiferroic nanocomposites visualized 

through (a) SEM images and (b) ellipsometric porosimetry isotherms. Residual porosity is 

greatest in composites with the thinnest ALD layers (25% filled) and decreases with increasing 

ALD layer thickness.  
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the ALD deposition. It is important to note here that 

although the isotherm shows near 0% gas adsorption, it 

is possible that there is still some residual porosity in 

these samples. ALD filling can fill the pore necks, 

‘blocking’ toluene from entering the interior of the 

structure. Nevertheless, it is clear from SEM and 

ellipsometric porosimetry that the residual porosity is 

very low with the thickest ALD BFO layers.  

In addition to observing the morphology of the 

composites, we wanted to characterize the CFO/BFO 

distribution with STEM (Fig. 3). Bright field and High-

Angle Annular Dark Field (HAADF) images both 

show the film with well-defined residual porosity [Fig. 

3(a-b)]. We then turned to elemental mapping to see 

where the BFO and CFO are. Elemental mapping is 

done in STEM-EDS mode, which has significantly 

reduced resolution relative to standard STEM imaging 

[Fig. 3(c)]. Because both phases contain Fe, we can use 

the relative mapping of cobalt to see where the CFO 

lies, and the mapping of bismuth to see where the BFO 

is. As seen from the elemental mapping, the bismuth is 

found homogeneously distributed throughout the 

network, demonstrating that BFO does, in fact, infiltrate the inside of the pores to form a uniform 

 

Figure 4-3. Scanning Transmission 

Electron Microscopy (STEM) of 

composite film (6 nm). Bright field 

images (a) and High-angle annular 

dark field (HAADF) (b) STEM 

images of the composite, showing 

well-defined residual porosity (c) 

STEM-EDS image with elemental 

mapping of Fe (d), Bi (e), and Co 

(f). Bi is spread over the entire area 

of the film. All scale bars are 50 

nm. 
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coating inside the pore structure [Fig. 3(c-f)]. To see the spatial variation in Co and Bi, we plotted 

a quantitative elemental line scan over regions containing clear pores to visualize the BFO/CFO 

distribution (Fig. S6). Though the resolution is poor due to both the multilevel sample and 

ferroelectric nature of the sample (making them very susceptible to charging and thus drifting in 

electron microscopy), there is a distinct anticorrelation between the cobalt and bismuth in the line 

scan, with a periodicity that approximately matches the distance of one pore (10-13 nm) apart. 

When a Pearson correlation coefficient is calculated form the data in Fig. S6, the Bi and Co are 

found to be anticorrelated with a correlation coefficient of -0.4.  This data thus strongly supports 

the picture of a CFO framework coated homogeneously by BFO.  

Having characterized the material interfaces with TEM, we turned to observing the 

magnetic and piezoelectric properties of CFO and PZT, respectively. Since ferrimagnetism and 

piezoelectricity are ferroic properties, both exhibit hysteresis. First, we used superconducting 

quantum interference device (SQuID) magnetometry to look at the hysteretic magnetization-

magnetic field (MH) loops in unfilled porous cobalt ferrite [Fig. S7(a)]. Unfilled cobalt ferrite thin 

films exhibit a saturation magnetization of about 340 emu/cc and coercivity of approximately 800 

Oe, which is close to the literature values in thin films.83,69,95,144,156 The piezoelectric properties of 

the ALD BFO were also investigated using polarization – electric field (PE) curves [Fig. S7(b)]. 

Since the BFO layers in this work are very thin, analogous thickness, planar films of the same 

thickness would easily short. We thus looked at the piezoelectric properties of ALD deposited 

BFO in thicker films of approximately 100 nm thickness.  It is important to note that while the 

coercivity of the thick BFO was found to be approximately 70 kV/cm, that piezoelectric coercivity 

is dependent on material thickness, and so the coercivity of the thicker ALD film is not 
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representative of the coercivity of the thin BFO coatings in the nanocomposites studied in this 

work.157–161  

With confirmation of the magnetic and piezoelectric hysteretic behaviors of CFO and BFO 

separately, we set out to study the magnetoelectric coupling in the porous nanocomposites. We 

electrically poled samples ex situ out-of-plane from the sample and collected hysteresis loops with 

the films both in the plane of the magnetic field and out of the plane of the magnetic field (more 

details on electrical poling of the porous composites, including a schematic of electrical poling and 

magnetic measurements, can be found in the supporting information, Fig. S8). In the plane of the 

applied magnetic field, we saw no change in magnetization (Fig. S9). This observation is in 

agreement with previous results on porous CFO-PZT nanocomposites, and is likely due to 

substrate clamping.83,143,144  

Although the nanocomposites are clamped in-plane because they are covalently bound to 

the substrate, the films are free to strain out-of-plane, which correlates to the large out-of-plane 

magnetization changes observed (Fig. 4). Since BFO tenses in the along the direction of the electric 

field, upon out-of-plane electric poling, BFO is under out-of-plane tension. This strain is expected 

to be transferred to the CFO, since it is covalently bound to BFO. Therefore, CFO should also be 

in out-of-plane tension. CFO is a negative magnetostrictive material, meaning that its 

magnetization will decrease in the direction of tension.116,145 Another way to think about this is in 

terms of the magnetic anisotropy in the system.  CFO has high magnetocrystalline anisotropy and 

high magnetostriction. The high magnetocrystalline anisotropy means that at saturation, spins are 

generally aligned with the easy axis that is closest to the magnetic field direction, but generally do 

not align fully with the magnetic field in a sample made of randomly oriented grains. The observed 

magnetization in the out-of-plane direction is the out-of-plane component of the magnetization for 
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each domain. When the sample is electrically poled out-of-plane, the magnetostriction term adds 

to the magnetocrystalline anisotropy. Because the magnetostriction is negative, the strain term will 

favor in-plane spin alignment, and it will pull the easy axes away from the out-of-plane direction. 

Thus, after electric poling, at magnetic saturation in the out-of-plane direction, spins will still lie 

in the easy direction closest to out-of-plane. This means that the out-of-plane component of the 

magnetization will be reduced, and thus the saturation magnetization will be reduced. Thus, as the 

 

Figure 4-4. Residual porosity dependence in MH loops collected out of the plane of the 

magnetic field. As the BFO layers get thinner (and the residual porosity gets larger), the 

saturation magnetization changes get larger, reaching a large 60% decrease in magnetization 

in the composite with 3 nm of BFO. 
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multiferroic samples are electrically poled, their magnetization is expected to decrease in the out-

of-plane direction, which is exactly what we observe in the samples studied in this work (Fig. 4).  
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In contrast to using strain to change magnetism, it has been shown that the saturation 

magnetization of CFO can change due to magneto-ionic 

effects.162,163 This can either be due to redox at the 

magnetic ion (for example, Fe3+ has a magnetization of 5 

𝜇B, while Fe2+ has a magnetization of 4 𝜇B) or due to the 

migration of O2- anions.164,165 As a control experiment, we 

poled bare, unfilled CFO at the same electric fields used in 

this work (Fig. S10). We observed no significant changes 

in the magnetization, ruling out ionic contributions to the 

magnetization change. 

We calculated the magnetoelectric coupling in a 

range of samples with varying BFO layer thicknesses (3 

nm, 6 nm, 9 nm, 12 nm) and thus, residual porosities (Fig. 

5). Interestingly, the residual porosity of the sample was 

found to play a major role in the electric field induced 

changes. The fully-filled samples (12 nm thick BFO) were 

found to have around a 10% decrease in magnetization 

after poling to the highest fields used in this work, but as 

the amount of residual porosity increased, the 

magnetization change increased up to a 60% drop in 

magnetization in the samples with 3 nm BFO. 

In addition to the large change in saturation 

magnetization, modest changes in coercivity and remnant magnetization were found upon 

 

Figure 4-5. Out-of-plane trends in 

(a) coercivity, (b) remnant 

magnetization, and (c) ME 

coefficient as a function of BFO 

layer thickness. 
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electrical poling [Fig. 5(a-b)]. We had hypothesized that upon out-of-plane electrical poling, that 

the BFO would strain so that it is under out-of-plane tension and in-plane compression, and since 

CFO is strain-coupled to BFO, that the CFO would also be under out-of-plane tension and in-plane 

compression. Since CFO is a negative magnetostrictive material, its easy axis should rotate to align 

more with the direction of compression. If this is true, then it should result in the out-of-plane 

coercivity getting larger, and the in-plane coercivity getting smaller. As mentioned previously, 

since the composite is substrate-clamped in-plane, we do not see significant changes in in-plane 

coercivity or saturation magnetization. However, we do see the coercivity getting larger in the out-

of-plane direction, as expected [Fig. 5(a)]. Since the hard axis should rotate toward the out-of-

plane direction upon electrical poling, we also expect the MH loop to be less square in the out-of-

plane direction, which is observed in the plots of remnant magnetization [Fig. 5(b)]. 

We can use the change in saturation magnetization to calculate the converse 

magnetoelectric coefficient, defined as 𝛼 =  𝜇0d𝑀/d𝐸, where 𝛼 is the magnetoelectric 

coefficient, 𝜇0 is the permeability of free space, d𝑀 is the change in saturation magnetization 

between the unpoled and poled states, and d𝐸 is the applied electric field used to get the largest 

magnetization change [Fig. 5(c)]. The magnetoelectric coefficients were calculated from the 

lowest electric field at which samples exhibited a saturated magnetization change (0.23 MV/m in 

all samples except the fully-filled sample, which required a higher field of 0.71 MV/m to saturate). 

The magnetoelectric coefficient of the fully-filled sample seemed to be on par with other reported 

BFO-CFO nanocomposites, which tend to be on the order of 10-7 s∙m-1.166–168 However, for the 

sample with the most residual porosity, we calculate a large, out-of-plane magnetoelectric 

coefficient of 1.14 × 10-6 s∙m-1, an order of magnitude larger than dense multiferroic 

nanocomposites (both previously reported in the literature143,144,153,166–168 and seen in the fully-
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filled sample described in this work). The magnetoelectric coefficients described here are likely 

an underestimate, since samples were poled ex situ, and so the saturation magnetization changes 

were observed at the remnant (not saturation) polarization state of the piezoelectric. Thus, the 

actual magnetoelectric coefficient is expected to be even larger with in situ electrical poling, where 

BFO is at its saturation strain state. We note that, since we observe minimal magnetization changes 

in-plane due to substrate clamping, the in-plane magnetoelectric coefficients is near zero (Fig. 

S11). This anisotropy, with a large out-of-plane and small in-plane magnetoelectric coefficient, 

could be very useful in spintronic and 

microwave devices.114,169 

We used high-resolution diffraction to 

corroborate that these large magnetoelectric 

changes indeed stem from strain changes. 

Changes in crystal structure, such as those 

measured by X-ray diffraction, can be mapped 

onto the macroscopic strains in the material. 

Samples were again poled ex situ in the out-of-

plane direction at increasing electric fields, and 

the d-spacing was measured at each electric 

field (Fig. 6). If the magnetization change 

described above is truly induced by a strain-mediated mechanism, we expect that upon out-of-

plane electrical poling, BFO should be in out-of-plane tension and in-plane compression. Since 

CFO is covalently bound to BFO, we also expect CFO to also be in increased out-of-plane tension. 

Given the thinness of the BFO ALD layer, it was difficult to resolve changes in d-spacing in any 

 

Figure 4-6. High angular resolution X-ray 

diffraction collected out of plane from the 

sample, showing d-spacing for the CFO (311) 

as a function of electric field, showing 

nanocomposites are in out-of-plane tension. 
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of the BFO peaks, so strain changes in the piezoelectric could not be directly measured. However, 

since CFO is covalently bound to BFO, and thus strain-coupled, we can use the far more intense 

CFO(311) peaks to track strain changes in the composite. Thus, the measured lattice spacing 

changes in CFO was used to calculate a proxy (d’33) for the d33, or the longitudinal strain change 

expected for BFO as a function of the effective applied voltage. The calculated d’33 was found to 

be 2 × 10-9 m/V, which is just under the reported literature values for BFO of the same 

thicknesses.151,170 It should be noted that this d’33 value is expected to be lower than actuality for 

two reasons.  First, it was calculated assuming 100% strain transfer from the BFO to the CFO, 

which is not likely to be the case.  Second, the value calculated in this work made use of samples 

that were poled ex situ, and thus have relaxed to their remnant polarization, rather than the 

saturation polarization. Nevertheless, the approximated d’33 from high-resolution diffraction 

demonstrates that strain transfer between the BFO and CFO is likely the origin of the magnetic 

changes observed here. 

Importantly, the out-of-plane d-spacing for the sample with more residual porosity (6 nm 

filled, black in Fig. 6) was found to increase more than in the fully-filled sample (12 nm filled, red 

in Fig.  6). The d’33 was found to be 2 × 10-9 m/V in the 6 nm sample, whereas the d’33 in the 12 

nm sample was found to be only 7 × 10-10 m/V. This large difference in d’33 is thought to be the 

result of the increased mechanical flexibility in the more porous nanocomposite, making the 

overall material easier for the material to strain.”.110  

CONCLUSIONS. 

Overall, porous nanocomposites with residual porosity can have extremely large 

magnetization changes in comparison to their dense counterparts. This was realized in multiferroic 

nanocomposites with tunable residual porosity formed by ALD filling into a mesoporous 
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framework. The crystal structure of the piezoelectric and magnetostrictive phases of BFO and CFO 

were confirmed with GIWAXS, and their piezoelectricity and ferrimagnetism was confirmed with 

PE and MH loops, respectively. Since the resulting composite is more mechanically flexible and 

alleviates substrate clamping by providing room for CFO and BFO to flex, the magnetization 

changes are much larger than in dense composites. SQuID magnetometry measurements show 

large electric-field induced magnetization changes from a 12% change in magnetization in the 

fully-filled samples to an almost 60% change in the samples with the most residual porosity. The 

residual porosity was further found to increase the magnetoelectric coupling by more than an order 

of magnitude, with the converse magnetoelectric coupling coefficient found to be 8.1 × 10-8 s∙m-1 

in the fully-filled samples, increasing to 1.2 × 10-6 s∙m-1 in the samples with the most residual 

porosity. Systems that can drive large magnetic changes, like the ones in this work, could have 

enormous potential for switchable magnetic systems, such as in the microwave and spintronic 

space. 
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APPENDIX A 

 

Supporting Information for Chapter 2: 

Delineating Magnetization Dynamics in Solution-Processed Doped Yttrium Iron 

Garnet Thin Films 

 

Shreya K. Patel, C. Ty Karaba, Sarah H. Tolbert 

Thick film characterization: For stripline FMR measurements, thicker films were used in order to 

obtain reasonable absorption. The synthesis of these films is discussed in the experimental section 

of the main text. 

From diffraction, we see that thicker films still form the correct crystal structure (figure S1(a)). It 

should be noted, however, that since diffraction patterns for the thick films were collected on a 

conventional powder diffractometer, rather than using a synchrotron source, the signal-to-noise 

ratio is lower for the diffraction in figure S1(a) than in figure 1 of the main text, even though the 

films are thicker. The saturation magnetization of the thick films is similar to the thinner films 

shown in figure 2 (approximately 140 emu/cc), but the coercivity is slightly larger in the thick 

films.  A value of ~ 50 Oe was obtained for the thick films, as opposed to ~25 Oe obtained in the 

thinner films (figure S1(b)). This is likely because thicker sol-gel films often exhibit more defects 

(cracks, pores, etc.) than thinner films.  This effect can be seen in cross-sectional SEM images of 

thick and thin films (figure S1(c)). These defect sites can become domain wall pinning sites, which 

would increase the coercive field. For the same reason, we expect that magnetic inhomogeneities 

could also result in higher FMR linewidth in thicker films than thinner films, due to an increase in 

inhomogeneous line broadening. This topic is already discussed in the main text on manuscript. 
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To better assess how similar the magnetic losses are in thick and thinner films, we turned to 

electron spin resonance (ESR) to look at the dynamic magnetic behavior in an undoped thinner 

film (figure S1(d)). ESR utilizes a cavity tuned to a single frequency (9.8 GHz in this case), and 

due to the cavity resonance, it can measure the small signal from the thinner films, providing a 

point of direct comparison between film thicknesses. The linewidth of the thinner film is 238 Oe 

peak-to-peak, which corresponds to a FWHM value of 280 Oe.  This value is lower than the thick 

films film value of 350 Oe, obtained by extrapolating stripline data to 9.8 GHz using the 

inhomogeneous line broadening (∆𝐻0) and Gilbert damping (𝛼) (main text, table 1), but the values 

are similar, and the difference is likely due to the defect sites discussed above.  Overall, the values 

between thick and thinner films are similar enough that it appears reasonable to obtain absorption 

from stripline FMR measurements for thick films across a range of frequencies. 
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Figure A-S1. Characterization of thicker YIG films to compare to the thinner films discussed 

in the manuscript, including (a) X-ray diffraction (* indicates Si substrate peak), (b) an MH 

loop obtained trough SQuID magnetometry, and (c) SEM. An ESR spectrum of the thinner film 

(d) shows linewidth of the films at 9.8 GHz. Thus, while the coercivity and FMR linewidth of 

thicker films is slightly higher than those mentioned in the manuscript (likely due to an increase 

in defects in thicker films), they are overall comparable to the thinner films described in the 

manuscript. 
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APPENDIX B 

 

Supporting Information for Chapter 4: 

Increased Magnetoelectric Coupling in Porous Nanocomposites of CoFe2O4 and 

BiFeO3 with Residual Porosity for Switchable Magnetic Devices 

 

Shreya K. Patel,† C. Ty Karaba,† Daniel D. Robertson, Jeffrey Chang, Kevin Fitzell,  

Charlene Z. Salamat,  Jane P. Chang, Sarah H. Tolbert 

†These authors contributed equally to this work.  

 

 

Figure B-S1. SEM-EDS [(a) + (b)] and XPS [(c) + (d)] measurements on the 3 nm-BFO [(a) + (c)] 

and the 6 nm-thick BFO composites [(b) + (d)]. SEM-EDS shows that cobalt and iron are in the 

atomic ratios expected for CFO, and that Bi is present in both samples.  Given the relatively small 

volume of Bi and the intrinsic low intensity of the Bi peaks, we were not able to quantify the Bi:Co 

ratios in the 3 nm sample. XPS data from the composites confirm the presence of bismuth and iron 
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from BFO in both the 3 nm and 6 nm samples.  Co is not observed in XPS data collected on 

samples with a 6 nm BFO layer due to the low penetration depth of XPS. 

 

 

Figure B-S2. Representative STEM-EDS spectrum of the 6 nm BFO in CFO composite.  

Discussion of Microstrain in the Nanoporous CFO and in the Composite 

We begin with discussion of the initial macrostrain (from uniform lattice distortion, which 

result in X-ray diffraction peak shifts) and microstrain (from inhomogeneous sources of strain, 

including dislocations, vacancies, and grain boundaries, which result in X-ray diffraction peak 

broadening) in the nanoporous CFO alone. We compared the in-plane and out-of-plane diffraction 

peaks from GIWAXS patterns (collected with rocking scans to obtain true out-of-plane data) with 

the JCPDS values and found that the films were under tensile strain in-plane, and compressive 

strain out-of-plane (Fig. S3). This strain state arises from the thermal expansion coefficient 

mismatch between the substrate (silicon) and the film (CFO). Silicon has a much lower thermal 

expansion coefficient (3.5  10-6 K-1) than CFO (1.0  10-5 K-1), and so it contracts less than the 
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CFO film upon cooling the after annealing.303,304 The CFO film is clamped in the in-plane 

direction, so the films should be under in-plane tensile stress, and out-of-plane compressive stress. 

 

 

Figure B-S3. The CFO(311) X-ray diffraction peak for porous CFO at an X-ray energy = 0.98 Å, 

showing in-plane tension and out-of-plane compression from thermal strain. 

 

We next consider both macro- and microstrain in the CFO-BFO composite structures. 

Globally, the CFO peaks in the composite films were found to all be under similar in-plane tension 

and out-of-plane compression (Fig. S4), likely due to the thermal strains discussed above. 
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Figure B-S4. The CFO(311) X-ray diffraction (a) in-plane and (b) out-of-plane peak in the 

composites at an X-ray energy = 0.88 Å.  

 

Interestingly, the CFO peaks were also found to exhibit a large degree of broadening with 

increased BFO layer thickness. We used Williamson-Hall plots for GIWAXS patterns to 

investigate if the broadening with increased BFO layer thickness and determine if it was due to a 

difference in grain size (i.e. differences in Scherrer width), or if it was due to an increase in 

microstrain (Fig. S5). The slope of the Williamson-Hall plot is proportional to the broadening from 

strain, while the y-intercept is inversely proportional to the broadening from grain size. All y-

intercept values of the Williamson-Hall plots across the sets of samples were approximately the 

same, indicating that size effects did not dominate. We did, however, observe a monotonic increase 

in the slope of the Williamson-Hall plots with BFO layer thickness, leading us to believe that 

increased BFO layer thickness increases the overall microstrain of the nanoporous CFO. While the 
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diffraction intensity of the BFO peaks in the 3 nm, 6 nm, and 9 nm thick samples were too low in 

intensity to be seen with X-ray diffraction, we expect that since CFO is strain-coupled to BFO 

through covalent bonding, we believe that BFO is also under increasingly large microstrain as a 

function of BFO layer thickness. This is interesting, as we would expect the thinner BFO layers to 

be under the most microstrain since ultrathin films are known to usually be dominated by strain 

from large surface energy.130,305–307 The additional strain is therefore believed to be the result of 

additional, growth-related crystallization strains as the BFO layer gets thicker, which is larger than 

the interfacial strain. 

 

 

Figure B-S5. Williamson-Hall plots for CFO in the GIWAXS patterns of composites.  

 

We should note that these observations of changes in the initial microstrain state do not 

contradict the larger conclusions of this manuscript. Both magnetoelectric and strain 

measurements show out-of-plane tensile strain, which may be facilitated by the initial out-of-plane 



70 

 

compressive strain state. The microstrain is inhomogeneous, and so will not contribute to magnetic 

alignment. 

 

Figure B-S6. Quantitative STEM-EDS line scan mapping of Bi and Co for the 6 nm BFO in CFO 

composite.  The position of the line is shown on the left, with the elemental data presented on the 

right.  Clear anti-correlation of the Bi and Co intensities is observed. 

 

 

 

Figure B-S7. Hysteretic loops for CFO and BFO components of the nanocomposites, including (a) 

MH loop for porous CFO and (b) PE loop for thick film of ALD BFO (b), demonstrating acceptable 

magnetic and piezoelectric properties. 
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Figure B-S8. Schematic of (a) ex situ electrical poling and (b) “in plane” versus “out of plane” 

magnetic measurements. 
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Figure B-S9. In plane SQuID magnetometry measurements for the 25%, 50%, 75%, and 100% 

filled nanocomposites, electrically poled from 0 to 0.71 MV/m. Magnetization in plane does not 

change, likely due to substrate clamping. 

 

Figure B-S10. SQuID magnetometry on bare, porous CFO poled in situ from 0 to 0.71 MV/m. 

Measurements were taken out of plane from the magnetic field (left) and in the plane of the 

magnetic field (right). No large changes in magnetization was observed.  

 

 

Figure B-S11. Comparison of out-of-plane magnetoelectric coefficient (a) vs. the in-plane 

magnetoelectric coefficient (b).  
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