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High-Mn Steel Weldment Mechanical Properties at 4 K 

J. W. Chan, A. J. Sunwoo, and J. W. Morris, Jr. 

Center for Advanced Materials 
Lawrence Berkeley Laboratory 

and 
Department of Materials Science & MineraI Engineering 

University of California, Berkeley 

Advanced high-field superconducting magnets of the next generation of 
magnetic confinement fusion devices will require structural alloys with high 
yield strength and high toughness at cryogenic temperatures. Commercially 
available alloys used in the current generation of magnets, such as 300 series 
stainless steels, do not have the required properties. N-strengthened, high-Mn 
alloys meet base plate requirements in the as-rolled condition. However, the 
property changes associated with weld microstructural and chemical changes in 
these alloys have not been well characterized. In this work welding induced 
cryogenic mechanical property changes of an 18Mn-16Cr-5Ni-0.2N alloy are 
correlated with as-solidified weld microstructures and chemistries. 

IN1RODUCI1ON 

Commercially viable fusion reactors require high field superconducting magnets for 
plasma confinement Various design considerations impose severe requirements on the cryo­
genic mechanical properties of alloys used as structural materials in these magnets. Projected 
requirements as proposed by JAERI (Japan Atomic Energy Research Institute) for their next 
experimental reactor, for example, are 1200 lVfPa yield strength and 200 MPa-m1l2 KIc for the 
base material [1] at 4.2K and 1000 lVfPa yield strength and 200 lVfPa-m1l2 KIc for weldments 
[2]. The U. S. goals [3-4], based on the best achievable properties of current commercially 
available austenitic alloys, are 1000 lVfPa yield and 200 MPa-ml/2 KIc for the base metal with 
minimum properties of 1000 lVfPa yield and 150 lVfPa-ml12 KIc in the welded condition. 

The alloy classes considered for this application are the nitrogen-strengthened austenitic 
Fe-Cr-Ni alloys and the more recently developed nitrogen-strengthened austenitic Fe-Mn-Cr-Ni 
alloys [3]. The mechanical properties of best current commercially available austenitic Fe-Cr­
Ni alloys can satisfy U.S. goals for base metal but cannot meet the JAERI goals in either the 
welded or base conditions. N-strengthened high-Mn austenitic alloys appear a more promising 
alternative. In particular an alloy of nominal composition 18Mn-5Ni-16Cr-0.22N, has been 
able to approach the Japanese goals for base metal properties [5] with proper thermomechanical 
processing (TMP). Work on a 22Mn-13Cr-5Ni-0.2N alloy has shown that it can satisfy the 
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base metal properties goals in heavy sections with proper TMP [6]. The weldability of these 
alloys has not been examined in detail. 

The objective of this research is to examine processing and chemistry modification effects 
on weld microstructures, and to correlate the cryogenic properties changes with these weld 
chemistry and microstructure changes. 

EXPERIMENTAL PROCEDURE 

The composition of the base material is 18Mn-16.3Cr-5Ni-0.5Si-0.22N-0.024C-
0.0 1 S-O.OO4P. The 4 K longitudinal yield strength and L-T orientation fracture toughness of 
the base plate are 1140 MFa and 230 MPa-m1l2, respectively [8]. The 30 mm thick as-rolled 
plate was machined into 8 mm thick welding coupons. 

Gas tungsten arc welding (GTA W) and electron beam welding (EBW) are used to exam­
ine heat input effects on weld microstructure and properties. Autogenous GT A welds are 
produced transverse to the rolling direction with argon backing gas on a water-cooled chill 
block using a pulsed-current mode. EB welds are also made transverse to the rolling direction. 
Welding parameters are shown in Table 1. 

Controlled microalloying additions of N, Ni, and Mo are made to the welds in order to 
examine the effects of changing chemistry on the microstructure and properties. Nitrogen is 
added to the weld through the shield gas by metering N2 through a flowmeter into the he­
lium/argon shield gas flow stream. Ni and Mo additions to the GTA weld metal are made by 
spot welding high purity Ni or Mo strips to the base plate before welding. 

Tensile tests are performed at both liquid nitrogen (77 K) and liquid helium (4 K) temper­
atures for an initial set of specimens. The composite specimen gage length contains both weld 
and base metal. Compact specimens are fatigue precracked at 77 K. The lIe tests are per­
formed at 4 K under displacement control using a single specimen compliance technique to 
measure crack advance. 

Interstitial nitrogen analysis is performed using a Leco gas analyzer. Specimens for 
nitrogen analysis are I-mm thick through-thickness slices parallel to the centerplane of the 
weld, taken across the width of the weld. Substitutional solute analysis is obtained using 
EDX. 

TEM foils from two orthogonal orientations are made by jet-polishing at 30-34 rnA in a 
room temperature solution consisting of 75 gm Cr30, 400 ml acetic acid, and 20 ml H20. 
Fracture proflle TEM specimens [16-18] are prepared from compact specimens tested at 4 K. 
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RESULTS 

Mechanical Properties 

The cryogenic yield and fracture toughness of the weldrnents are shown in Figure 1. With 
the exception of the high-N, Mo alloyed welds, these weldments necked and failed in the 
region between the weld centerline and the fusion boundary. Yielding initiated in the fusion 
zone. The composite tensile specimens with N and Mo additions failed in the heat affected 
zone. 

Welds made the with 75 vol% He - 25 vol% Ar shield gas mixture show a deterioration in 
mechanical properties at 4 K. EB welds sh9w somewhat higher properties than the autogenous 
GTA welds. N-alloyed autogenous weldments show an improvement in 4 K yield strength. 
Weldments made with 75 vol% He - 25 vol% Ar and 3.46 wt-% Ni addition shows an im­
provement in toughness with some decrease in strength as compared to autogenous GT A 
welds. Klc values for Mo containing welds are generally lower than Klc values for welds not 
containing Mo. Mo addition appears to improve the retention ofN in the weld (Table 3), in­
creasing its 4 K yield strength. 

The N content within the fusion zone differs significantly from that of the base metal 
(Fig. 2). The autogenous welds show a depletion of N in the fusion zone. Interstitial N con­
centration is 0.16 wt-% in the fusion zone, 27% lower than that of the base metal. EB welds 
made at two different travel speeds also show N depletion, with the average interstitial N con­
tent for both welds being 0.17 wt-%, slightly higher than that of the autogenous GTA welds. 

The alloying element concentrations in welds are shown in Table 3. Welds made using 
shield gas containing N2 have higher average N content than that of the base metaL The N 
distributions in the fusion zones of these N -alloyed welds are nonuniform, reaching a 
maximum at the centerline of the fusion zone. Welds made with Ni addition but without N2 in 
the shield gas have an average N content lower than that of the welds made without Ni 
addition, 0.14 wt-% vs. 0.16 wt-%. The Mo containing welds made with N addition to the 
shield gas show a significantly higher N content within the fusion zone than that of welds made 
without Mo. The average N concentration within the Mo containing welds with 3 vol% N2 in 
the shield gas is 0.32 wt-% and with 6 vol% N2 is 0.35 wt-%. 

Chemical composition profiles across dendrites of the autogenous welds show a depletion 
of Ni and an accumulation of Cr and Si in the dendrite core region. A similar profile for Mo­
alloyed welds shows Mo in these regions. Conversely, an accumulation of Ni in the interden­
dritic region and a slight depletion of Cr and Mo are detected. This partitioning behavior is ex­
pected of welds solidifying in a primary ferrite mode. 

Microstructure 

Examination of the 4 K fracture surfaces reveals that the fracture mode is predominantly 
ductile-microvoid coalescence, with some areas appearing more planar, less ductile. The dim­
ple sizes for all GTA welds are qualitatively similar. The dimple sizes for the EB welds are 
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approximately an order of magnitude smaller than those of the GTA welds, with very few large 
inclusions visible (Fig. 3). 

There was no significant variation in size distribution or content of inclusions among the 
various welds. Mean inclusion size is 0.5-1.0 J,lm in diameter with very few inclusions of size 
greater than 1.0 J.lffi. Qualitative EDX chemical analysis performed on inclusions shows that 
these inclusions are predominantly MnS, with some Cr and Fe containing inclusions. Mo ;. 
modified welds also have some Mo containing inclusions. 

The fracture surface features of EB welds are qualitatively similar to those of the autoge­
nous GTA welds. Both GTA and EB welds have relatively smooth, high aspect ratio features 
(Fig. 4). These features contain secondary ridges lying perpendicular to long primary ridges 
and are associated with the dendritic solidification structure. On the fracture surfaces of the 
autogenous GTA welds, the mean spacing between the ductile ridges is 6.6 J,lm, while in the 
EB welds, the mean spacing is 3.1 J,lm. These high aspect ratio features are larger and more 
continuous in the GTA welds than in the EB welds. The mean size of these features in the au­
togenous GTA welds are approximately 50x280 J.lffi, while in the EB welds, they are approxi­
mately 6x45 J.lffi. The areal fractions of the fracture surface covered by these features are sim­
ilar in both GT A and EB welds. The areal fraction covered by these features is 20% in the au­
togenous GTA welds and 19% in the EB welds. Such features are not readily apparent on Ni­
alloyed and N-alloyed weld fracture surfaces. 

The N alloyed welds generally show a less ductile fracture appearance, with more pla­
nar dimple walls, showing less deformation as compared to the Ni alloyed and the autogenous 
weld samples (Fig. 5). Inclusions seen on the bottom of these dimples are generally spherical. 
Very few fractured inclusions are present, indicating void nucleation is primarily due to 
separation of the inclusions from the matrix. There are some relatively planar regions on the 
fracture surfaces of the high N welds (0.26 vol%) which show an extensive set of roughly 
parallel ridges spaced about 1 J.lffi apart (Fig. 6). These planar regions are similar in size to the 
grain widths of the welds and occupy approximately 9.8% of the fracture surface area. 

Volume fractions of o-ferrite in the ferrite containing welds are listed in Table 6. The 
autogenous GTA weld metal has a generally continuous o-ferrite structure with 9.7 vol% 0-
ferrite content Although EB welds also have the same type of structure, the o-ferrite is less 
continuous and the retained 8-ferrite content lower (7.2 vol%), a consequence of its finer so­
lidification substructure. The Ni alloyed welds have a more discontinuous o-ferrite structure 
(Fig. 7) than that of the autogenous welds and a lower o-ferrite content - 5.7 vol% near the 
weld centerline. Mo-alloyed welds also show a continuous 8-ferrite structure (Fig. 8), but the 
amount of retained 8-ferrite (18 vol %) and the continuity of the 8-ferrite structure is higher than 
that of the autogenous welds. Welds alloyed with both Mo and N also contain continuous re­
tained 8-ferrite, but the total amount retained (13 vol%) is closer to that of the autogenous 
weld. The N-alloyed welds appear 8-ferrite free near the centerline, but a 8-ferrite containing 
layer is evident at the fusion boundary. All GT A welds have similar primary dendrite arm 
widths and secondary arm spacings while the lower heat input EB weld substruc~es are 
smaller. 
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TEM observations reveal no evidence of precipitates in these welds. However the N-al­
loyed weld metal contain small ( < 0.5 ~m diameter), discrete, ferrite particles near the the weld 
centerline, primarily in the interdendritic regions. This suggests that the weld solidifies as pri­
mary austenite, and that the ferrite particles form in the Cr rich interdendritic regions. The 4 K 
deformation of base and N-alloyed welds is inhomogeneous, concentrated in intense bands on 
certain (111) planes (Fig. 9). 

DISCUSSION 

Yield Strength 

GT A and EB weld metal 4 K yield strengths are significantly lower than those of base 
metal, 1040 MPa for the autogenous GTA, 1040 and 1060 for the two EB welds, as compared 
to 1140 MPa for base metal. This decrease is attributed to N loss. The cryogenic yield 
strength of austenitic alloys, this alloy in particular, is strongly dependent on their interstitial N 
content [6,7,19]. The steep N chemical potential gradient between the molten fusion zone and 
the N free shield gas causes N diffusion away from the molten fusion zone into the shielding 
atmosphere. The molten metal solidifies in its N depleted state, resulting in the decreased yield 
strength of the as-solidified material. The composition proftle shows a decreasing N content 
across the fusion zone: 0.22 wt-% in the base metal falling to 0.16 wt-% within the fusion 
zone, a 27% decrease. EB welds show a similar decrease in interstitial N content; the average 
N concentration within the fusion zone is 0.17 wt-%. 

Use ofN-containing shield gas has been effective in increasing interstitial N in Fe-Cr-Ni 
austenitic alloy weldments [20-22]. The N content of welds made with N additions to the 

. shield gas is shown in Figure 10. The average weld N content increases as shield gas N con­
tent increases, saturating at 6 vol% N shield gas at 0.26 wt-%. The increased weld N content 
results in increased weldment yield strength. 

The additions of substitutional solute species, used to control the amount of ferrite in the 
as-solidified weld region, also affect the yield strength of the weldment. The primary effect of 
Ni addition is expected to be on toughness [12]. Since the lattice distortion due to Ni is small 
[23], its impact on yield strength should be small. However, Ni addition also decreases the 
level ofN retained in the fusion zone. A 3.5 wt-% Ni addition results in a N level of 0.14 wt­
% for the welds made with 75 vol% He - 25 vol% Ar, compared with 0.16 wt-% for autoge­
nous welds, a 13% decrease. This decrease in N content causes a drop in the weld yield 
strength, from 1040 MPa for autogenous GTA to 960 for Ni-alloyed. 

Conversely, Mo addition increases the yield strength level. The Mo effect on yield 
strength is two-fold: an increase due to significant lattice distortion caused by the larger Mo 
atomic size [40], and an increase accompanying increased dissolved N content. The solute 
strengthening effect of Mo in Fe-Cr-Ni austenite is approximately 20 MPalat% at 293K [24], 
increasing to 100 MPalat% at 4 K [25]. In the welds, with a 0.58 wt-% Mo addition the yield 
strength is 1080 MPa for welds made with 75 vol% He - 25 vol% Ar shield gas, in contrast 
to a yield strength of 1040 MPa for autogenous welds. These Mo-alloyed welds show a slight 
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decrease in average N content, 0.15 wt-% as compared to 0.16 wt-% for autogenous welds. 
This is due to the increased retention of a-ferrite. Mo is a strong ferrite stablizing element 
[10,24], and the welds containing Mo have a a-ferrite content of 18 vol%. The greatly reduced 
solubility of N in ferrite accounts for the lower weld N content. The presence of a higher vol­
ume fraction of a-ferrite or a lower volume fraction of austenite will result in a lower measured 
average N content within the fusion zone. However, the addition of N through the shield gas 
decreases the volume fraction of retained ferrite, and the level of retained N in the weld will in­
crease. This is reflected in the yield strengths of Mo alloyed welds made with N additions to 
the shield gas. Welds made with Mo addition and 3 vol% nitrogen addition to the shield gas 
mixture have an average N content of 0.32 wt-% and a yield strength of 1145 MPa, a 
significant increase compared to the yield strengths of the autogenous and Mo-alloyed welds of 
1040 MPa and 1080 MPa, respectively. 

The yield strength decrease on welding cannot be attributed solely to changes in interstitial 
N content. Even weld metal with average interstitial N content greater than that of the base 
metal is not able to achieve the yield strength level of the base metal (Fig. 11). Therefore, the 
altered microstructure must also affect the yield strength of the welds. The as-solidified weld 
metal microstructure is coarser than that of the base metal and therefore has lower yield strength 
than the base metal. This is seen in the slightly lower yield strength of autogenous GTA 
weldments as compared to the higher yield strength EB weldments, which, because of lower 
heat input and narrow fusion zones, have higher cooling rates and thus a fmer as-solidified mi­
crostructure. Since the N contents in both GTA and EB welds are similar, most of the differ­
ence in yield strength must be attributed to the differences in microstructure. The fmer as-so­
lidified microstructure of the EB welds results in somewhat higher yield strength. 

The as-solidified weld metal is inhomogeneous. Both chemical composition and grain 
. size and shape vary from point to point within the welds. Thus it is difficult to quantitatively 

separate microstructural and chemical effects on yield strength. However, qualitatively, grain· 
size has a smaller impact on yield strength than interstitial N content. The 50% decrease in 
grain size of the EB welds as compared to GTA welds raises the yield strength only 20 MPa. 
A 50% increase in the interstitial N content results in a 100 MPa increase in yield strength. 
Chemistry effects thus dominate. Compensation for N depletion can improve weldment yield 
strength more effectively than changes in microstructure via changes in heat input. 

Fracture Toughness 

The fracture toughness of the high-manganese weldments is significantly lower 
( s: 60 MPa-m 112 ) than that of the base metal. High inclusion contents, leading to high mi­
crovoid nucleation site densities, can lead to low fracture toughness in a ductile-trans granular 
fracture mode. The fracture mode of welds in this study is primarily ductile-transgranular. 
The inclusions seen at the bottom of the dimples on the fracture surfaces are Mn sulfide with 
some Cr and Fe containing inclusions which may be oxides. Few fractured inclusions are ob­
served; most of the observed inclusions are intact and spherical. Void nucleation is thus pri­
marily due to decohesion of the spherical inclusions from the matrix. Measured inclusion den­
sities are within a narrow range for all weldments - GTA autogenous, Ni-, N-, and Mo-al­
loyed. The 4 K fracture toughness shows no correlation with the inclusion contents of these 
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welds. The observed variations in the fracture toughness of weld specimens (autogenous, N-, 
Ni-, and Mo-alloyed) is thus not attributable to the differences in inclusion contents. 

The presence of non-austenite phases, specifically o-ferrite, is detrimental to the cryogenic 
fracture toughness of welds. Regions of S-ferrite can act as crack initiation sites, and long 
continuous 0-ferrite structures serve as easy crack propagation paths at cryogenic temperatures 
in Fe-Ni-Cr austenitic steels. Charpy impact tests of 300 series shielded metal arc (SMA) weld 
metal at temperatures down to 77 K indicate that weld metal cryogenic toughness varies in­
versely with ferrite content; maximum notch toughness is attained for fully austenitic weld 
metals [13,15]. A similar inverse dependence is observed for fracture toughness at 4 K [15]. 

Measurements of o-ferrite on polished and etched cross sections of the autogenous GTA 
weld indicate a 9.7 vol% o-ferrite content. The S-ferrite has a semicontinuous morphology and 
is located at the dendrite core, indicative of solidification as primary ferrite with subsequent 
transformation to austenite. The o-ferrite-dendrite mean secondary arm spacing of the autoge­
nous welds is 6.8 ~m. 

The ferrite structure seen in the metallographic specimens can be correlated to features ob­
served on the fracture surfaces. There are areas on the fracture surface which are associated 
with the solidification substructure, with short secondary ridges branching off perpendicular to 
long primary ridges. These regions appear smoother than the surrounding dimpled areas (Fig. 
3). Measurements of the spacing between the secondary ridges indicate a mean spacing of 
6.6 ~m. This closely correlates with that of the dendrite secondary arm spacing measured on 
the metallographic section, 6.8 J.LlI1. The width of the primary dendrite arms on the fracture 
surfaces also correlates well with the width of the features on the metallographic section. This 
implies that the S-ferrite dendrites seen on the optical specimens correspond to the elongated 
relatively smooth features seen on the fracture surface. 

The features associated with S-ferrite occupy 20 areal percent of the fracture surface, the 
remaining areas are covered with microvoids. The higher fracture-surface area fraction occu­
pied by these features, as compared with that measured in the bulk, indicates that the crack has 
advanced preferentially along a-ferrite containing regions within the weld. The crack tends to 
advance along the direction of the primary arms of the dendrites as indicated by the high aspect 
ratio of a-ferrite associated features on the fracture surfaces. The grain growth direction near 
the weld centerline, for the low travel speeds used in making these welds, is aligned with the 
weld centerline. The crack therefore preferentially propagates through the a-ferrite regions un­
til it encounters an austenite region, where propagation is via microvoid nucleation and coales­
cence. Thus processing variables such as heat input and travel speed, which influence the so­
lidification substructure of the weld, have an effect on the cryogenic fracture toughness. 

All S-ferrite containing welds show reductions in 4 K fracture toughness as compared to 
that of the base metal. The 4 K fracture toughness is inversely related to S-ferrite content 
(Fig. 12), a behavior similar to that obs~rved for Fe-Cr-Ni austenitic weld metal [14]. The 
observed fracture toughness reduction can be directly correlated to the easy crack propagation 
paths through a-ferrite containing regions of the weld microstructure. 

Page 7 



High-Mn Steel Weldment Mechanical Properties at 4 K 

Further evidence of the deleterious effects of a-ferrite on cryogenic fracture toughness is 
seen in the Mo-alloyed welds. The addition of Mo, a ferrite stabilizing element, to the weld 
metal increases the a-ferrite content to 18 vol% for a 0.58 wt-% Mo addition. The a-ferrite 
morphology is similar to that in the autogenous welds, but it is coarser and more continuous in 
the Mo-alloyed welds (Fig. 8). The areal fraction occupied by B-ferrite regions on the Mo-al­
loyed weld fracture surface is 32%. This increase in a-ferrite content and its continuous nature 
is reflected in the concomitant decrease in 4 K fracture toughness as compared to that of the 
autogenous welds, 115 MPa-m1l2 as opposed to 150 MPa-m1l2. This is further evidence that 
the preferred crack propagation path is through the a-ferrite regions. 

Ni addition has the opposite effect on the retained a-ferrite content of the welds. A 
3.5 wt-% Ni addition to the weld metal decreases the retained B-ferrite content to 5.7 vol%. 
The increased Ni content destabilizes the retained a-ferrite, leading to a more fragmented a-fer­
rite structure. No a-ferrite associated features are found on the fracture surface. A less contin­
uous o-ferrite structure and the lower overall B-ferrite content results in fewer crack nucleation 
sites, less continuous crack propagation paths, and consequently an improved fracture tough­
ness. The fracture toughness improvement, however, cannot be solely attributed to decreased 
o-ferrite content. The increased Ni content decreases the amount of retained N in the weld 
metal, lowering the yield strength. Although there may be an increase in fracture toughness 
due to the lower yield strength, the amount is small since the yield strength change is itself rel­
atively small. 

N addition also significantly affects the microstructure of the weld metal. An average 
interstitial N content of 0.24 wt-% results in a microstructure which is almost ferrite free near 
the weld centerline, with some ferrite retained in the weld metal near the fusion boundary. 
Similar microstructures are seen in the 0.26 wt-% N content welds. TEM observations indicate 
that ferrite is present in the form of small (less than 0.5 Ilm in diameter) discrete particles at the 
interdendritic regions near the centerline of these welds, suggesting that these welds solidified 
as primary austenite with the Cr rich, Ni depleted interdendritic regions becoming ferrite. The 
small size and discrete nature of ferrite particles in these welds suggest that ferrite does not play 
a significant role in determining the fracture toughness of these welds; they should behave 
more like inclusions. However, the fracture toughness of N-alloyed welds is not higher than 
a-ferrite containing autogenous welds. Yield strength, inclusion content, and o-ferrite effects 
on fracture toughness are not significant in these N-alloyed welds, so intrinsic factors such as 
the deformation behavior must be operating. 

In addition to its effect on phase stability, chemistry also has an effect on the intrinsic 
deformation behavior of the material. These effects may dominate in the large grain mi­
crostructure of the weld metal at cryogenic temperatures. The grains are large and highly di­
rectional due to the competitive growth process which occurs during solidification [11]. Ni­
trogen is used as an interstitial strengthening element in this alloy. High N Fe-Cr-Ni stainless 
steels are known to deform in an inhomogeneous mode [26]. This is due to the low stacking 
fault energies of these steels, inhibiting the cross-slip required for homogeneous deformation 
[27]. It has also been suggested that planar slip concentrated in bands as seen in these materi­
als can be due to formation of short-range order zones within the material [28]. This inhibits 
slip until applied stress is sufficient to cause some zones to shear, disrupting order, and al-
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lowing further slip to proceed easily on the same planes. The deformation is then concentrated 
in those planes. Such localized deformation lowers fracture toughness by limiting strain ac­
commodation to a smaller effective volume leading to higher local stresses for a given macro­
scopic strain. Modeling of dislocation motion mechanics predicts inhomogeneous slip at low 
temperatures [30]. Inhomogeneous deformation effects are expected to become dominant as 
grain size increases: dislocation pUeups at matrix discontinuities can be built up over longer 
distances, resulting in higher local stresses at a given macroscopic strain, leading to premature 
cracking or void nucleation and lower fracture toughness. 

Inhomogeneous deformation behavior is observed in the N-alloyed welds. Their fracture 
surfaces contain planar regions with numerous closely spaced parallel ridges (Fig. 6). The 
mean size of these regions is approximately that of the grain widths. The ridge spacing is 
qualitatively similar to the spacing between slip bands seen in deformed weld metal specimens 
with TEM (Fig. 9). This suggests that the ridges are manifestations of slip bands on the frac­
ture surface. Similar features, believed to be slip band traces appearing on 'Y (111) cleavage 
planes, have been observed on the fracture surfaces of high-Mn, high-N base metal tested at 
cryogenic temperatures [9,29]. This deformation behavior may be related to the lower than 
expected fracture toughness of the N-alloyed welds. 

CONCLUSIONS 

The 4 K yield and fracture toughness of N-strengthened-high-Mn alloys both degrade on 
welding. Yield strength degradation is primarily due to N loss from the fusion zone and can be 
partially controlled by increasing N in the fusion zone through additions to the shield gas in 
GTA welds. Chemical modifications to the weld are more effective in controlling the yield 
strength than grain size changes. Ni added to control a-ferrite levels in the weld causes a de­
crease in the amount of retained N. This leads to a lower weld yield strength: 960 MPa for 
the Ni-alloyed vs. 1040 MPa for the autogenous. Conversely, Mo-alloying addition when 
used with N-containing shield gas increases the retained N level significantly, thus increasing 
the yield strength level. 

Weld fracture toughness is lower than base metal fracture toughness. Fracture toughness 
degradation is attributed to two competing mechanisms. Retained B-ferrite is the primary cause 
of the fracture toughness loss in the low N autogenous welds. Fracture toughness in autoge­
nous, Ni-, and Mo-alloyed welds is shown to be inversely related to a-ferrite content. Crack 

. propagation in B-ferrite containing welds is solidification substructure specific. Fracture sur­
face features of B-ferrite containing welds have been correlated with the a-ferrite regions. 
These B-ferrite containing regions are preferred crack propagation paths. Processing which 
breaks up the B-ferrite substructure (low heat input EBW) and reduces a-ferrite content in­
creases fracture toughness. Ni additions, which decrease a-ferrite content and fragments the 0-
ferrite, is also effective in raising fracture toughness. The high-N welds, which contain only 
traces of ferrite, have fracture toughness values similar to B-ferrite containing welds. The un­
expectedly low fracture toughness of these austenitic welds is associated with the appearance of 
inhomogeneous deformation behavior in these high-N-high-Mn austenitic steels. 
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Figure captions 

Figure 1. Weld 4 K fracture toughness as a function of yield stress. The line is the 
strength-toughness behavior for welds with varying N content. 

Figure 2. N profile across an autogenous GT A weld. 

Figure 3. SEM fractographs of a) autogenous GTA and b) EB weld compact specimens 
tested at 4 K. 

Figure 4. SEM fractographs of a) autogenous GTA and b) EB weld compact specimens 
tested at 4 K showing features associated with the solidification substructure. 

Figure 5. SEM fractographs of a) autogenous, b) 8.42 wt-% Ni-alloyed, and c) 0.24 wt-% 
N-alloyed GTA weld compact specimens tested at 4 K. 

Figure 6. SEM fractographs of 0.26 wt-% N-alloyed GTA weld compact specimens tested 
at 4 K showing the appearance of ductile ridges on relatively planar areas. 

Figure 7. Optical micrograph of an 8.42 wt-% Ni-alloyed GTA weld. The dark 
discontinuous phase is ferrite. 

Figure 8. Optical micrographs of a) 0.58 wt-% Mo-alloyed and b) autogenous GTA welds. 
Ferrite appears in relief. 

Figure 9. Bright-field TEM micrograph of 0.26 wt-% N-alloyed weld deformed at 4 K. 
The dark bands are overlapping dislocations and stacking faults. 

Figure 10. Average fusion zone N content as a function of shielding gas N2 content. 

Figure 11. 4 K yield strength as a function of average fusion zone N content. 

Figure 12. 4 K fracture toughness as a function of ferrite content. 
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Table ·1: Welding parameters. 

Parameter QIA EB 

Current: 22 rnA 

Pulse: 150-185 A 

Background: 80-100A 

Duty cycle: 75% 

Voltage: 19V 115kV 

Travel speed: 51 mmlmin 510mmlmin 

760mmlmin 

Shielding gases: 75% He & 25% Ar 

75/25 + 1 vol% N2 

3 vol% N2 

6 vol% N2 

Backing gas: Ar 

Vacuum: 2x10-4Torr 

Electrode: 2.38 mm dia., 60° tip 

Arc gap: 2mm 
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Table 2. Fusion zone content of the major alloying elements in wt-%. 

Alloying 
Process addition Mn Cr Ni N Mo 

EB 18.85 16.14 4.87 0.17 

GTA 18.59 15.19 4.97 0.16 

Ni 18.80 15.00 8.42 0.14 

3 vol% N2 18.58 15.18 4.91 0.24 

6vol%N2 18.60 15.21 4.98 0.26 

Mo 18.76 15.16 5.01 0.15 0.58 

Mo+3 vol %N2 18.43 15.18 5.17 0.32 0.47 
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Table 3. Fracture surface and bulk ferrite content 

Alloying addition 

Bulk 

Fracture surface 

GTA 

Mo Mo+3N2 

18 13 9.7 

32 20 20.6 
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Ni 

5.7 

EB 

7.2 

19.2 
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