
UC Berkeley
UC Berkeley Electronic Theses and Dissertations

Title
In-situ microscopy of the first-order magnetic phase transition in FeRh thin films

Permalink
https://escholarship.org/uc/item/1nw8g06d

Author
Baldasseroni, Chloe

Publication Date
2013
 
Peer reviewed|Thesis/dissertation

eScholarship.org Powered by the California Digital Library
University of California

https://escholarship.org/uc/item/1nw8g06d
https://escholarship.org
http://www.cdlib.org/


In-situ microscopy of the first-order magnetic phase transition
in FeRh thin films

by

Chloe Baldasseroni

A dissertation submitted in partial satisfaction of the

requirements for the degree of

Doctor of Philosophy

in

Engineering - Materials Science and Engineering

in the

Graduate Division

of the

University of California, Berkeley

Committee in charge:

Professor Frances Hellman, Chair
Professor Ronald Gronsky
Professor David Attwood

Fall 2013



In-situ microscopy of the first-order magnetic phase transition
in FeRh thin films

Copyright 2013
by

Chloe Baldasseroni



1

Abstract

In-situ microscopy of the first-order magnetic phase transition
in FeRh thin films

by

Chloe Baldasseroni

Doctor of Philosophy in Engineering - Materials Science and Engineering

University of California, Berkeley

Professor Frances Hellman, Chair

Simple ferromagnetic (FM) and antiferromagnetic (AF) materials such as Fe and
Cr become paramagnetic when heated above some critical temperature, in what is
known as a second-order phase transition. Less usual magnetic transitions are found
in the magnetic world, for example a first-order magnetic phase transition from AF
to FM with increasing temperature. Equiatomic FeRh has been known to exhibit
such a transition for over 50 years, with a transition temperature slightly above
room temperature. Interest in this material has been renewed in the recent years
due to its potential application for heat-assisted magnetic recording, as well as a test
system for fundamental studies of the physics of magnetic phase transitions. Similarly
to crystallization, this AF-FM transition is expected to proceed by nucleation of
magnetic domains but the features of the first-order hysteretic transition have been
difficult to study with macroscopic measurements and very few microscopic studies
have been performed.

In this work, FeRh thin films were synthesized by magnetron sputtering and
structurally and magnetically characterized. A membrane-based heating device was
designed to enable temperature-dependent microscopy measurements, providing a
thermally uniform and well-controlled sample area. Synchrotron x-ray magnetic mi-
croscopy was used to study the temperature-driven AF-FM phase transition in epi-
taxial FeRh thin films in zero field. Using magnetic microscopy with x-ray magnetic
circular dichroism, the different stages of nucleation, growth and coalescence of FM
domains were observed across the transition and details of the nucleation were iden-
tified. The FM phase nucleates into single domain islands and the width of the
transition of the individual nuclei upon heating is sharper than that of the macro-
scopic transition. Using magnetic microscopy with x-ray magnetic linear dichroism,
the evolution of the AF phase was studied. Differences in the morphology of AF
and FM phases were found, with the AF phase having a smaller feature size limited
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by defects. Finally, interfacial FM at the interface with capping layers is due to an
alloying effect with a third metallic element that stabilizes the FM phase at room
temperature by lowering the transition temperature.
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Chapter 1

Introduction

Equiatomic FeRh was discovered in 1939 by Fallot et al. to undergo an unusual
temperature-driven magnetic phase transition [1]. The two different magnetic phases
were later identified as antiferromagnetic (AF) and ferromagnetic (FM) with the AF
phase transitioning into FM with increasing temperature [2, 3]. This phase transition
can also be driven by magnetic field, defining it as a metamagnetic transition, and
is coupled to a lattice expansion. The first-order character of this phase transition
was established by the abrupt and hysteretic change with temperature of different
properties such as magnetization, resistivity, and lattice parameter, and the presence
of latent heat at the transition.

Other magnetic alloys such as Ru doped CeFe2 and Gd4Ge5 or Si doped RGe5
with R heavy rare earth element (Gd or higher Z) exhibit a similar first-order AF-FM
magnetic phase transition with increasing temperature [4, 5]. FeRh is a unique system
compared to the rare earth alloys which have a cryogenic temperature transition: the
transition is situated just above room temperature (near 350 K). Therefore it has been
and is still of significant interest in the physics and materials science community, as
well as for technological applications. FeRh has been studied in the bulk for over
50 years [6] and more recently in thin film form [7, 8, 9]. Current investigations
of this unique transition range from the fundamental understanding of the origin
and nature of the transition [10] to applications associated with the transition such
as a giant magnetocaloric effect and a giant volume magnetostriction [11, 12]. A
large reason for the interest in FeRh in thin film form is that thin films have been
proposed as a candidate material for heat-assisted magnetic recording (HAMR) in
an exchange-spring system coupled to a hard magnetic layer (for example FePt or
CoPt) [13, 14, 15]. In those thin films, the transition temperature has been shown
to be sensitive to changes in composition and substrate-induced strain as well as
structural and chemical order and these effects remain to be fully understood. The
thin film form is ideal in providing easy control of film composition and stress to allow
the study of these factors on the phase transition mechanism.

At compositions below 10 at.% Rh, FeRh alloys have a bcc structure α at room



2

temperature which is FM. In the 10 to 45 at.% Rh composition range, the FeRh
system orders chemically into a CsCl crystal structure α’, still FM. Near equiatomic
composition CsCl-ordered FeRh exhibits unusual magnetic properties with tempera-
ture [6]. This structure has AF order at low temperature in a type G structure with Fe
moments aligned parallel along (111) planes and no moment on the Rh atom. When
increasing the temperature above a transition temperature T0 (between room tem-
perature up to above 100◦C depending on sample form and processing) the structure
becomes FM with Fe moment of 3.2μB and a small Rh induced moment of 1μB [16].
The crystal structure is conserved but a lattice expansion of up to 1% is observed
upon transition. The equivalence between temperature and magnetic field in driving
the transition has been shown in both bulk samples and thin film samples, with the
magnetic field effectively lowering T0.

Similarly to a classic first-order phase transition such as crystallization which pro-
ceeds by nucleation, metasbility between the two magnetic phases is believed to lead
to a phase coexistence of the AF and FM phases across the transition and this tran-
sition is expected to proceed by nucleation and growth of a new distinct phase out of
the original phase. Instead of nucleating crystals, magnetic domains are nucleated.
Several recent studies have aimed at characterizing the nucleation and growth process
by magnetization measurements [7, 17]. By measuring the magnetization as a func-
tion of temperature, under constant magnetic field, one can observe the hysteretic
character of the transition which requires overheating to nucleate the FM phase and
undercooling to nucleate the AF phase. The characteristics of the M-T transition
such as the width of the hysteresis and the broadening as well as the temperature
T0 itself are influenced by different parameters such as substrate (through its effect
on thin-film stress), composition and doping by different elements (Ir, Pt increase T0

while Co, Ni, Pd decrease T0 for example).
How the changes in M-T characteristics translate into changes in the nucleation

regime is not well understood yet. In fact the bulk magnetization measurements have
two limitations: they require to measure the effect of temperature under a constant
external magnetic field, therefore do not allow to study the transition driven by
temperature only, and they rely on measuring a macroscopic parameter to characterize
a mechanism that proceeds at a microscopic level. Limited microscopy measurements
of FM domains in FeRh have been performed, none of them being able to study
the temperature driven or field driven transition, in-situ [18, 19]. They nevertheless
showed a lenghtscale of FM domains on the order of 100 nm.

This work presents the study of the in-situ nucleation of magnetic domains in
FeRh thin films by microscopy to gain understanding of the unusual magnetic phase
transition in FeRh. A clear understanding of the nucleation and growth of magnetic
domains in both phases opens the possibility of determining how the transition can
be tuned. Synchrotron radiation offers the tunability and the brightness that enables
magnetic microscopy with elemental sensitivity and sub-100 nm spatial resolution,
needed for our system. In particular, photoemission electron microscopy (PEEM)
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will be used, combined with polarized x-rays. Using an x-ray incident microcopy
technique allows to take advantage of polarized x-rays. Indeed, circular polarization
provides sensitivity to FM and linear polarization to AF.

It is common to cap thin films susceptible to oxidation with a protective thin
film layer. Typical materials used for capping are noble metals such as Au and
Pt, light self-passivating metals such as Al, or oxides such as MgO or Al2O3. A
series of recent studies have showed that substrate and capping materials can induce
interfacial effects where the magnetic properties of the FeRh film are substantially
modified near the interface with the capping layer as well as the substrate [20, 21, 22].
These interfacial effects are directly relevant to the successful integration of FeRh in
HAMR technology and their study will be part of the work reported here, by relating
them to the sensitivity of the transition temperature T0 to strain, composition and
doping by other elements.

Chapter 2 presents the FeRh growth thin film method and the different experi-
mental characterization techniques used. Epitaxial films were grown by magnetron
sputtering and their structural, chemical and magnetic properties were characterized.
In particular the effect of the different parameters on the transition temperature and
characteristics were studied and a corrected phase diagram is proposed.

Chapter 3 details the development of a membrane-based device with the goal
to enable temperature-dependent synchrotron microscopy studies: a microfabricated
amorphous silicon nitride membrane-based nanocalorimeter is proposed to be suit-
able for an x-ray transparent sample platform with low power heating and built-in
temperature sensing. Thermal characterization in both air and vacuum are ana-
lyzed experimentally, including thermal imaging, and via simulation. A simulation
model that includes conduction, as well as radiation and convection heat loss, is pre-
sented. A new simple design that has improved temperature homogeneity and a large
isothermal area while maintaining a thin thermal conduction layer is proposed and
fabricated. This new design enables applications in transmission X-ray microscopes
and spectroscopy set-ups at atmospheric pressure and is tested on a magnetic thin
film.

Results from the microscopic study of the nucleation of the FM phase are presented
and discussed in Chapter 4. The evolution of FM domains across the temperature-
driven AF to FM phase transition in uncapped and capped epitaxial FeRh thin films
is studied by x-ray magnetic circular dichroism (XMCD) and photoemission electron
microscopy. The coexistence of the AF and FM phases is evidenced across the broad
transition and the different stages of nucleation, growth and coalescence are directly
imaged. Details of the nucleation of single domains are discussed.

Chapter 5 summarizes the attempt at the reciprocal study of the AF phase. The
evolution of the AF phase across the temperature-driven FM to AF transition upon
cooling in uncapped epitaxial FeRh thin films is studied by x-ray magnetic linear
dichroism (XMLD) and photoemission electron microscopy. By comparing XMLD
and XMCD images recorded at the same temperature, the AF phase is identified,
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its structure is directly imaged, and its evolution is studied across the transition. A
quantitative analysis of the correlation length of the images shows differences between
the characteristic lengthscale of the two phases with the AF phase having a finer
feature size. The asymmetry of the transition between the evolution of the AF upon
cooling and the FM phase upon heating is studied at the microscopic level.

Chapter 6 focuses on an important issue related to the technological application
of FeRh. FeRh is a system that has been shown to be extremely sensitive to external
factors such as strain and composition or dopant. The role of capping material in
stabilizing a thin FM layer at the interface between a FeRh film and cap in the
nominally AF phase at room temperature is studied by XMCD in photoemission
electron microscopy and polarized neutron reflectivity. These techniques are used to
determine the presence or absence of interfacial ferromagnetism (FM) in films capped
with oxides and metals. Chemically stable oxide caps are shown to not generate any
interfacial FM while the effect of metallic caps depends on the element, showing that
interfacial FM is due to metallic interdiffusion and the formation of a ternary alloy
with modified AF to FM transition temperature.

Chapter 3 is largely a reprint of ”Heat transfer simulation and thermal measure-
ments of microfabricated X-ray transparent heater stages” published in the Review
of Scientific Instruments, reprinted with permission from [23], Copyright 2011, AIP
Publishing LLC. Chapter 4 is largely a reprint of ”Temperature-driven nucleation
of ferromagnetic domains in FeRh thin films” published in Applied Physics Letters,
reprinted with permission from [24], Copyright 2012, AIP Publishing LLC.
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Chapter 2

FeRh thin films growth and
characterization

2.1 Introduction

FeRh has seen a renewed interest in recent years due to its potential use in mag-
netic recording technology. In this technology, magnetic layers used in hard disk drives
are in thin-film form, therefore a thin-film processing technique is required. The two
families of techniques are physical vapor deposition (PVD) and chemical vapor depo-
sition (CVD). Metal thin-films are typically synthesized by PVD. In particular one
technique that is common both in academia and industry is sputter deposition. In
this work, we focus on the study of FeRh in thin-film form. First, this has the advan-
tage of giving easy control of the film composition. Second, since the film is deposited
on a substrate, the relationship between the film and the substrate potentially gives
control of the stress of the film, in particular by distortion of the crystal structure.
Finally, for microscopy studies, flat and thin samples are desired, and both of these
characteristics are intrinsic to thin-film processing, compared to bulk processing. In
this chapter, the growth technique of sputter deposition is presented, followed then
by the different characterization techniques used to determine the structural, mag-
netic and chemical properties of the thin films. While the x-ray diffraction method
used in the structural characterization is specific to thin-films, the magnetic mea-
surement technique and the composition analysis techniques used are not. Finally an
experimental phase diagram of the magnetic phase transition region is proposed.

2.2 Growth technique

FeRh thin films are prepared by magnetron sputtering (Hellman Lab) from an
FeRh alloy target. In magnetron sputtering, Ar ions impinge on a material target
to sputter atoms. Those energetic atoms are then deposited onto a substrate. The
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Parameter Range of values
Ar sputter pressure 1 to 4 mTorr

DC power 25 to 50 W
Growth temperature 150 to 600◦C

Table 2.1: Range of sputter deposition parameters used.

films are prepared in a high vacuum sputtering chamber with a typical base pressure
of 8×10−8 Torr. The temperature of the substrate is controlled by a halogen heating
lamp situated right behind the sample holder. The maximum temperature set-point
that our AJA sputter deposition system enables is 650◦C. At this heating lamp set-
point value, the actual temperature of a sample mounted on the sample holder was
experimentally determined with a thermocouple mounted between the sample and
the sample holder and found to be 600◦C. We therefore estimate an offset of 50◦C for
all deposition temperatures and report the estimated temperatures throughout the
rest of this document. The deposition rate is controlled by the DC power applied
to the material target and is calibrated by a quartz crystal microbalance. Finally,
another growth parameter that can be controlled is the Ar sputtering pressure. The
pressure affects the relative sputtering yield of the different species in the FeRh alloy
target by controlling their kinetic energy, thereby giving control of the composition
of the film.

Therefore three independent growth parameters were varied so as to establish
a systematic growth pattern and optimize the films quality: deposition tempera-
ture, sputtering pressure and growth rate (controlled by the DC power). In the
next sections we present the effect of the three growth parameters on the struc-
tural, chemical and magnetic properties of FeRh thin films. These three parameters
were varied over the range summarized in Table 2.1. The effect of post-deposition
anneal was also studied and will be briefly discussed. An alternative growth tech-
nique reported in the literature is electron beam evaporation from separate elemental
sources [17, 20, 21] or sputtering from two separate Fe and Rh targets [14, 22, 25, 26]
but the majority of studies are on FeRh deposited by sputtering from an alloy tar-
get [7, 8, 9, 13, 27, 28, 29, 30].

All films are around 100 nm thick and deposited on MgO substrate unless specified
otherwise. All films studied in this chapter were not capped, resulting in a native
oxide of thickness 2 nm and likely composition Fe2O3, as determined by hard x-
ray photoemission(see Section 6.3). The effect of capping layer will be studied in
Chapter 6.
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2.3 Structural characterization

The reported crystal stucture of the desired FeRh phase is CsCl (B2) with a
lattice parameter of 0.299 nm in the bulk. θ-2θ geometry scans were performed in a
powder diffractometer. They enable to determine the phase and check for texturing
of the crystal structure with a preferential orientation. φ scans were performed in a
triple axis diffractometer. They allow us to check for the single crystalline quality
of the films and their epitaxial relationship to the substrate. In addition, in the
case of epitaxial films, the lattice parameters can be determined using the triple axis
diffractometer.

Phase and texture determination

An FeRh thin film was deposited simultaneously on MgO (001) and amorphous Si-
N (a-Si-N) on Si with an Ar pressure of 2 mTorr, a DC power of 40 W and deposition
temperature of 600◦C. θ-2θ scans are shown in Figure 2.1. Except for the higher
intensity peaks identified as respective substrate peaks and labeled with star symbols
on the plot, all other peaks are identified as FeRh CsCl phase. While the film on
a-Si-N exhibits 110, 111 and 211 peaks, indicating a polycrystalline structure, for the
film grown on MgO only Bragg reflections of (001), (002) and (003) planes are seen
in the range of 2θ measured, suggesting epitaxy, which will be confirmed with triple
axis diffractometry.

We find that for a deposition temperature of 600◦C, epitaxy with (001) out-of-
plane orientation is obtained over the entire range of Ar pressure and DC power
studied. The average CsCl structural coherence length t in the thin film can be
calculated from the width of the 001 peak using Scherrer’s formula

t =
0.9λ

Bcosθ
(2.1)

with λ = 0.154178 nm (CuKα) and B = FWHM of 2θ peak (in radians) [31]. In a
polycrystalline film, this would correspond to the average grain size. In our epitaxial
films, this coherence length is likely limited by low angle grain boundaries or antiphase
boundaries. The average coherence length in the {001} planes for the entire range
of deposition parameters is 33 nm. Note that since 001 is a superlattice peak due to
the CsCl structure, the coherence length is related to the chemical order. No clear
correlation is seen between t and the Ar sputter pressure or the growth rate while the
temperature is seen to increase the coherence length by a few nm.

Epitaxy

Having found that under the right conditions our films show (001) out-of-plane
orientation, we then used a thin-film triple axis diffractometer to confirm the epi-
taxy. The cubic structure and lattice parameter of FeRh make it a particularly good
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Figure 2.1: Comparison of the x-ray diffraction spectra for a polycrystalline FeRh
film deposited on a-Si-N on Si substrate (blue dashed line) and an epitaxial FeRh
film deposited on (001) MgO substrate (red solid line). The lines are the diffracted
intensities from the FeRh films. The star symbols indicate the 2θ position of the Si
and MgO substrate peaks. The circle symbols indicate the FeRh film peaks with the
corresponding hkl labels.

candidate for epitaxy on single crystalline (001) MgO substrates by a 45◦ rotation
to the 0.4212 nm lattice parameter (Fig. 2.2). We already established that there is
a parallelism between the (001) planes of FeRh and MgO. To qualify for epitaxy a
parallelism between specific crystallographic directions within those planes must also
exist [32]. By looking at an off-axis peak such as 101 and recording the intensity of
this peak during a full in-plane rotation of the film, known as a 360◦ φ scan, one
can determine the in-plane symmetry of the crystal structure. A film with a cubic
single-crystal orientation in the plane shows 4 Bragg peaks in the φ scan, consistent
with the 4-fold symmetry of the cubic crystal. Then, a 360◦ φ scan of the 202 MgO
substrate peak shows the expected 45◦ rotation to the film (Fig. 2.2) and we therefore
confirm the following epitaxy relationships:

FeRh (001)//MgO (001)
FeRh [100]//MgO [220]
We then turn to the effect of the deposition temperature. 101 φ scans recorded for

films grown at different deposition temperatures of 600◦C, 350◦C and 150◦C are shown
in Figure 2.3. All films deposited at a temperature of 150◦C or higher show four-
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Figure 2.2: Diagram of the (001) surface of the MgO substrate showing the in-plane
epitaxial relation with FeRh as displayed in the 360 degrees φ scans of FeRh 101 and
MgO 202.

fold symmetry, indicating their single-crystalline character with the same epitaxial
relationship to the MgO substrate. The FWHM of the φ peaks is related to the
mosaicity of the crystal. The right panel in Figure 2.3 shows one representative peak
for each growth temperature. The small difference in φ position comes from sample
alignment offsets in the instrument and is not physically significant. The FWHM
is calculated for each film with a Gaussian fit. We find that the FWHM decreases
greatly from 1.69◦ at 150◦C to 0.47◦ at 350◦C, and decreases further to 0.28◦ at
600◦C, indicating an improvement in the mosaicity of the film with increasing growth
temperature.

Analysis of the ratio of 001 to 002 Bragg peaks integrated intensity in θ-2θ scans,
related to the chemical order parameter, also indicates that the chemical ordering im-
proves with increasing growth temperature. Note that the values commonly reported
in the literature are

√
I001/I002 instead of the actual chemical order parameter S

which is corrected for the geometry of the x-ray diffractometer and the film, and
the structure factors of Fe and Rh. Reported values of

√
I001/I002 range from 0.8

to 1.18 [25, 26, 30] (since this is not corrected for the theoretical intensities, values
above 1 are possible). De Vries et al. recently reported a chemical order param-
eter S =

√
I001/I002exp/

√
I001/I002calc for sputtered and post-annealed FeRh thin

films [33]. S increases with post-annealing temperature from 0.67 at 600◦C to 0.89
at 800◦C.

The chemical order parameters was calculated for three of our films, all grown
under the same conditions of 2 mTorr Ar pressure, 40 W power and 600◦C growth
temperature, the highest growth temperature (no post-growth anneal). The three
samples only differ in composition from 49 to 51.4 at.% Rh. The theoretical intensities
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Figure 2.3: 360 degrees φ scans of FeRh thin films processed at different deposi-
tion temperature (left) and zoom-in on the 135 deg peak, showing the reduction in
FWHM with increasing growth temperature (right). The 600◦C and 350◦C films were
deposited with 1 mTorr Ar, and the 150◦C film with 2 mTorr Ar.

were calculated in the following way:

Icalc ∝ |(1− x)fFe + (x)fRh(−1)h+k+l|2 × (1 + cos2 2θ)× 1

sin 2θ

× (1− exp(− 2ut

sin θ
))× exp(−2B(

sin θ

λ
)2) (2.2)

The different terms in this equation are the structure factor, the polarization factor,
the Lorentz factor, the absorption factor and the temperature factor. The structure
factor takes into account the composition of the film. Expressions for the polarization
factor, the Lorentz factor for a single crystal and the temperature factor are taken from
Ref. [31] with the B coefficient calculated from values tabulated therein. While the
absorption factor is constant in the case of thick samples and can therefore be ignored,
it is not the case for thin films. The expression for this factor is taken from Ref. [34]
where the linear absorption coefficient u is the product of mass absorption coefficient
μFeRh = 249.25 cm2/g and density ρFeRh = 9.76 g/cm3 and t is the thickness, here 100
nm. For the three films investigated (S11-004, S11-166, S12-031) we find an average
S = 0.88±0.03. This is comparable to the best S reported by de Vries et al.

Finally the effect of a post-growth anneal was investigated. We found that a
film grown at 600◦C shows no further improvement of its mosaicity and chemical
ordering after a post-growth anneal of 8 hours at 600◦C in vacuum. Therefore, for



11

optimal crystal quality of FeRh thin films, a deposition at 600◦C is selected with no
post-growth anneal.

Lattice parameters and strain

Epitaxial films can be further characterized to determine their in-plane and out-
of-plane lattice parameters and therefore determine their strain state. First we turn
to the 100 nm films grown on MgO substrate.

Using the reported FeRh bulk lattice parameter of a =0.299 nm and the spacing
between {220} MgO planes of a′ =0.2978 nm, a lattice misfit or mismatch f = a−a′

a

of 0.4 % is calculated. In the extreme case of commensurate epitaxy, the film is
coherently strained meaning that the FeRh lattice would contract biaxially in-plane
to match the susbstrate, with a compression factor equal to the mismatch, and would
expand out-of-plane:

εx,y = −f ; εz =
−2νεx,y
1− ν

(2.3)

with ν Poisson’s ratio (0.32 calculated for FeRh [35]) resulting in a tetragonal dis-
tortion. In reality, the strain depends on the thickness of the film. For a given
mismatch, there is a critical thickness tc above which the coherently strained state
is not energetically favorable. Above this thickness, the internal energy of the film
can be lowered by the creation of crystallographic defects, called misfit dislocations,
resulting in discommensurate epitaxy.[32, 36] The total internal energy of a film of
thickness t can be written as the sum of two components U = Uε + Ud with Uε the
strain energy stored per unit area

Uε = (
E

1− ν
)ε2xt (2.4)

with E Young’s modulus of elasticity, and Ud the dislocation energy per unit area of
array of dislocations

Ud = 2ρl
Gsb

2

4π(1− ν)ln(4t
b
)

(2.5)

with ρl the linear density of the array of dislocations, Gs =
E

2(1−ν)
the shear modulus

of elasticity and b the dislocation Burgers vector. tc is defined as the thickness which
minimizes the energy at εx,y = −f or dU

dεx,y
(εx,y = −f) = 0. For the smallest edge

dislocation in (001) plane in FeRh (Burgers vector b = a, in-plane lattice constant)
and a mismatch of 0.4 %, tc = 12 nm. The strain is progressively decreased by
increasing the thickness above 12 nm and its value can be estimated by evaluating
the strain εx,y for which the internal energy is minimized. For example for a film of
170 nm, 90 % of the initial mismatch strain of 0.4 % has been relieved. For our films
of 100 nm, this simple model estimates a residual strain of -0.06%, possibly inducing
a small degree of tetragonal distortion in the lattice.
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The average strain can be determined experimentally by measuring the out-of-
plane and in-plane lattice parameters c and a and calculating the tetragonal distortion
c/a. c is directly determined by the d001 spacing. To determine a, we measure an
off-axis peak which is related to a and c according to the definition of the d-spacing
1

d2hkl
= h2+k2

a2
+ l2

c2
with hkl the Miller indices. For the {202} planes 1

d2202
= 4

a2
+ 4

c2

which gives

a =
c× 2d202√
c2 − (2d202)2

(2.6)

Figure 2.4 shows the tetragonal distortion for FeRh films grown at 600◦C with
varied Ar pressure and deposition rate. The 2θ values compiled to calculate the
tetragonal distortion of these different films were measured with two instruments:
a Siemens D5000 powder x-ray diffractometer (Stacy lab in UCB-Chemistry) and a
Panalytical XPert MRD Pro 4-circle diffractometer (Ramesh lab in UCB-Materials
Science and Engineering). The accuracy of both instruments was estimated by cal-
culating the statistical error obtained on measuring MgO single crystalline 002 and
004 peaks compared to the expected theoretical values. The relative 2θ average error
is similar for both instruments at Δ2θ

2θ
= 8.2× 10−4. This results in an uncertainty in

the values of lattice parameters of ±0.0003 nm for the out of plane lattice constant c
and ±0.0006 nm for the in-plane lattice constant a (larger due to cumulative error)
which in turn result in an uncertainty in tetragonal distortion c

a
× 100 of ±0.3%.

This is much larger than the strain of -0.06% estimated earlier. All films with a
tetragonal distortion between 99.7 and 100.3 % are considered strain free within our
measurement error and this strain-free range is indicated by the gray shaded region in
Figure 2.4. Characterization of different films grown under identical conditions give
excellent reproducibility within the error range. Note that the model used assumes
that the strain is uniform through the thickness of the film and our measurement
averages the strain over the entire thickness of the film.

No strong effect of Ar pressure or growth rate has been found. 100 nm films
deposited with a power ranging from 25 W to 40 W and Ar pressure ranging from 2
mTorr to 4 mTorr are practically strain free. Films deposited at 40 W with 2 mTorr
Ar pressure have the lowest reported tetragonal distortion of 99.9 % with lattice
parameters a = 0.2989 nm and c = 0.2986 nm.

In an effort to increase the tetragonal strain in FeRh thin films with the possibility
of giving rise to perpendicular anisotropy [37], additional films have been fabricated
on different substrates (leading to different mismatch) and with reduced thickness
(close to the critical thickness so as to keep the strain as close as possible to its
maximum coherent strain value) [38].

Table 2.2 shows the crystal substrates that were tested. All these different sub-
strates resulted in good epitaxy of FeRh. MgO and KTaO3 substrates were found
to induce large strain by reducing the thickness of the film to 5 nm, giving tetrag-



13

Figure 2.4: Tetragonal distortion c/a (times 100) in % as a function of FeRh target
DC power (related to deposition rate) for different values Ar sputter pressure. The
strain free region taking into account the measurement uncertainty is indicated with
the shaded region.

onal distortions of 101.5 % and 102.1 % respectively. We notice that an increased
distortion of only 0.76 % is gained by increasing the lattice mismatch by a factor
of more than 10 (also note that this is within the range of our measurement error).
One possible explanation is that while increasing the mismatch directly increases
the coherent strain, it also decreases the critical thickness, making the relaxation of
strain by defects more energetically favorable. Indeed the calculation of the critical
thickness using Equations 2.4 and 2.5 shows that no minimum thickness can satisfy
the minimum energy condition, indicating that misfit dislocations cannot be avoided.
Because of this trade-off in energy, substrates with higher mismatch did not achieve
the desired effect.

A brief review of cubic substrates that are commercially available indicates that
there is a ”gap” of lattice parameter available between MgO and KTaO3. Based on
the energy form of Equations 2.4 and 2.5 it is estimated that an FeRh film of thickness
4 nm deposited on a substrate with a mismatch f = 0.02 would experience a strain
of 1 %. Therefore, substrates with a lattice parameter of 0.41 nm are sought. An
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Substrate Lattice parameter (nm) Mismatch to FeRh Critical thickness (nm)
MgO 0.4212 0.004 12
KTaO3 0.3989 0.057 0
SrTiO3 0.3905 0.081 0

Table 2.2: Summary of different substrates used with lattice parameter, mismatch
and expected critical thickness. hc = 0 indicates that the critical thickness minimum
energy condition cannot be satisified.

alternative is to create such a substrate using epitaxy and strain. Epitaxial growth of
strained MgO on SrTiO3 has been reported to achieve an in-plane lattice constant of
0.414 to 0.418 nm [39, 40]. 10 nm of MgO was deposited by RF sputter from an MgO
compound target onto SrTiO3 at a temperature of 400◦C. The out-of-plane lattice
constant of a 20 nm FeRh thin film deposited on such a substrate is c = 0.2978 nm,
within error bars of the relaxed lattice parameter, indicating that the film is mostly
relaxed. Films thinner than 20 nm on this MgO/SrTiO3 should be investigated in
the future.

In summary, FeRh thin films grown by magnetron sputtering were synthesized
with varying deposition parameters. The deposition rate has no significant effect
on the crystalline properties measured. In contrast, the growth temperature has a
strong effect. Increasing the growth temperature increases the coherence length and
decreases the angle of mosaicity by increasing diffusion which favors larger grains
with lower angle grain boundaries. Increased diffusion also favors the formation of
the thermodynamically stable CsCl ordered phase, resulting in higher chemical order.
100 nm films on MgO are strain-free but tetragonal strain can be achieved in thinner
films on other substrates.

2.4 Composition analysis

Rutherford backscattering spectrometry (RBS) was used for film composition
analysis since it is one of the most quantitative elemental analysis technique [41]. The
sample is exposed to a beam of high energy α particles (He++) and the backscattered
particles are detected as a function of energy. The kinetic energy of the backscat-
tered particles is affected by interaction with the atoms constituting the sample in
two ways: the mass of the collided atom (billiard-ball model of collision), with the
heavier nuclei resulting in higher scattered He++ energy and the depth of the atom
in the film (additional energy loss due to the stopping power of the electrons in the
film). Therefore broadened backscattered peaks are detected for the different elements
present in the film, resulting in a plateau-like profile. Elements with similar masses
might result in overlap of the peaks. This is not an issue with Fe (Z = 26) and Rh
(Z = 45) which have enough difference in atomic masses Z. The high energy onset
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Figure 2.5: (a) Experimental RBS spectrum of 100 nm FeRh thin film with simulation
performed with SIMNRA software. (b) Effect of Ar pressure and deposition rate on
FeRh thin film composition as determined by experimental RBS measurement and
simulated spectra analysis.

of the peak indicates the element present in the film and the breadth an estimate of
the thickness of the film. The intensity of the backscattered peaks is proportional to
Z2. This means that for a 1 to 1 ratio of Fe and Rh, a ratio of intensities around
3 is expected. The data is fit using a software (SIMNRA) for precise composition
determination. RBS was performed at Lawrence Berkeley National Lab, Materials
Science Division.

A typical spectrum for FeRh thin film deposited on a-Si-N on Si is shown in
Fig. 2.5 (a). A model is fit to the spectrum, varying the composition and thickness of
the different layers constituting the sample. Figure 2.5 (b) shows the composition of
FeRh films as a function of target power and Ar pressure. For a given pressure, small
non-monotonic variations of composition are seen, within the measurement accuracy
of ±0.5 %. A strong effect of pressure is evidenced, which as mentioned earlier, is
attributed to the control of relative sputtering yield of Fe and Rh by the pressure. Rh
at.% increases with Ar pressure from 46 at.% at 1 mTorr to ∼51 at.% at 4 mTorr. In
sputtering, thermalization of sputtered atoms occur when the atoms undergo enough
scattering to have their kinetic energy reduced to the same level as the sputtering gas
and results in a reduced deposition rate of the sputtered atoms [36]. The pressure at
which thermalization occurs depends on the mass ratio of gas atom to the energetic
particle. Rh (mass 102.9) is more different to Ar (39.95) than Fe (55.85), therefore
for any given pressure, Fe atoms are closer to thermalization than Rh atoms and the
change in gas scattering with gas pressure is more for Fe atoms than for Rh atoms. As
a result, the reduction in deposition rate due to thermalization varies differently for Fe
and Rh atoms with pressure. Both Fe and Rh sputter yields decrease with increasing
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pressure, but the Fe sputter yield decreases at a faster rate, leading to lower Fe (higher
Rh) concentration films at higher sputtering pressure. As will further be discussed
in Sections 2.5 and 2.6, films deposited at 1 mTorr are found to be FM without any
magnetic transition, because they are near 46 at.% Rh composition.

2.5 Magnetic characterization

The magnetic properties of FeRh thin films were measured by SQUID magnetome-
try in a Quantum Design MPMS. First, measurements of magnetization as a function
of temperature and field were performed to characterize the films for comparison
with existing literature. From this data, the dependence of transition temperature on
applied field was determined, which in turn allows comparison of macroscopic mea-
surements recorded in magnetic field to microscopic observations performed in no
magnetic field. Finally, the magnetization of FeRh at room temperature was studied,
revealing the presence of a residual FM phase, which is relevant to the microscopy
study as well as the interfacial study and was analyzed.

The temperature dependence of the magnetization was recorded to characterize
the AF-FM magnetic phase transition at the macroscopic level in a constant external
magnetic field. The magnetic properties of the FM phase were studied by recording
magnetization M as a function of field H at 400 K, the maximum temperature of the
MPMS. Figure 2.6 shows the M(H) at fixed T and M(T ) at fixed H characteristics
of FeRh films deposited at 600◦C, 2 mTorr Ar and 40 W DC power. The following
data treatment was done: background subtraction of MgO substrate diamagnetic
background by linear fit of high field portions of M(H) hysteresis (not shown) where
the substrate signal dominates. Note that some erroneous data points were removed
in the middle of the M − T transition. They result from the difficulty for the MPMS
fitting routine to accurately determine the total magnetic signal which is near 0 emu
in this region due to the compensation between the negative signal from the substrate
and the positive signal from the film.

Samples 1 and 2 were synthesized under the same conditions and have similar
compositions of 49 and 50 at.% Rh (small difference in composition due to composition
drift over time, discussed in Sec. 2.6). After normalization to the volume of the film,
similar magnetization values at 1000 Oe field are respectively determined in Fig. 2.6
(a): 1100 emu/cc (note that the saturation magnetization Ms = 1130 emu/cc is
reached at 2 T) and 1230 emu/cc. These magnetization values correspond to atoms
carrying on average an atomic moment of 1.58 and 1.77 μB, regardless of their Fe or Rh
chemical species. The difference could be due to the small change in Rh composition,
but both values are in good agreement with values reported in the literature for thin
films (e.g. 1.52 μB [21] and 1120 emu/cc [7]). Moment per atom reported for bulk
samples range from 1.85 to 2.07 μB/at. [3, 42, 43].

The M − T hysteresis is shown for each sample on separate panels in Fig. 2.6
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Figure 2.6: (a) Field hysteresis and (b, c) temperature hysteresis of the magnetization
in representative FeRh films of composition 50 (S1 - blue) and 49 at.% Rh (S2 - red),
grown with the standard parameters 600◦C, 2 mTorr, 40 W.

(b) and (c). We find that for both samples, the transition proceeds between 325 and
370 K at 5 T, with a hysteresis of about 10 K in the middle of the transition and a
broadening, defined as the temperature spread between the beginning and the end of
the transition, of 30 to 40 K. Both samples exhibit a strong asymmetry in the shape
of the macroscopic M(T ) curve at fixed field between heating and cooling. The small
temperature shift between the two M(T ) curves is due to the 1 at.% difference in Rh
composition.

M−T hysteresis were recorded with externally applied magnetic field ranging from
1 T to 5 T. For a given sample, the transition temperature decreases with increasing
magnetic field [6, 7]. The shift of the transition temperature with applied field was
experimentally measured on a series of samples with varying deposition pressure and
rate. Similarly to the study by Maat et al. [7], additional transition data in the H−T
phase diagram was obtained by doing magnetic field sweeps at a fixed temperature
chosen in the transition region. Indeed, the AF-FM transition is metamagnetic and
can be driven by both H and T . Figure 2.7 shows the H-T diagram constructed using
TAF−FM and TFM−AF from the M − T curves of three samples, with the transition
temperature here defined for simplicity of analysis as the inflection point (or maximum
of derivative dM/dT ). The three selected FeRh thin films were deposited at 600◦C
but differ in the other deposition parameters: 4 mTorr Ar, 50 W (reference 52 at.%
Rh), 4 mTorr Ar, 40 W (similar composition 51.5 at.% Rh but lower rate) and 2
mTorr Ar, 50 W (same rate as reference but different composition 48.5 at.% Rh).

Linear fits to the AF-FM and FM-AF boundaries for the different samples, give an
average slope of -7.9±0.3 K/T, in good agreement with the existing literature [7]. The
change in slope is minimal with change in either deposition rate or Ar pressure. On



18

Figure 2.7: Field-temperature phase diagram of FeRh thin films with varying depo-
sition parameters: 4 mTorr Ar, 50 W (reference 52 at.% Rh - green); 2 mTorr Ar, 50
W (different composition 48.5 at.% Rh - red); 4 mTorr Ar, 40 W (similar composition
51.5 at.% Rh but lower rate - blue). All films deposited at 600◦C. Up (down) triangles
correspond to the AF to FM (FM to AF) transition. Filled symbols are used for data
obtained from temperature sweeps (M(T ) at constant H) and open symbols are used
for data obtained from field sweeps (M(H) at constant T ).

the other hand, large shifts are observed in the intercepts at zero field of the different
samples. The largest shift is seen between the films with different compositions (52
at.% Rh and 48.5 at.% Rh). The effect of composition on T0 will be further discussed
in Sec. 2.6 and will be used to propose an updated partial phase diagram. Note that a
small shift in T0 is also caused by a difference in deposition rate. Although we did not
observe any change in coherence length, mosaicity, chemical ordering and tetragonal
strain with deposition rate, there must be a difference between the two samples. We
suggest that the degree of chemical homogeneity, which is susceptible to vary with
deposition rate, can cause small shifts in T0. This shows that the AF-FM transition
in FeRh is extremely sensitive to the structural and chemical properties of the system.

While the magnetization is small in the AF phase as shown in M − T curves in
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Figure 2.8: M(H) data of representative FeRh thin films recorded at 300 K (S1 50
at.% Rh - blue) or below (S2 49 at.% Rh - red), in the nominally AF phase. Both
films were grown with the standard parameters 600◦C, 2 mTorr, 40 W.

Fig. 2.6 (b) and (c), it is not zero. To better understand this, M − H hysteresis
curves were recorded in the AF phase at 300 K, both before and after an M − T
sweep. As shown in Fig. 2.8, for all our films of ∼100 nm thickness, a residual FM
phase is found in the nominal AF phase, below the AF-FM transition temperature,
with a saturation magnetization around 90 emu/cc.

This has been observed by other groups as well [21, 30, 44] but its origin is not
fully understood. The possible sources are: (1) a residual chemically disordered bcc
phase distributed through the entire thickness of the film and FM at all temperatures
below the Curie temperature, (2) a FM layer situated at either top or bottom interface
(or both), where the chemical ordering and/or the strain state of the film is different
from the bulk of the film, possibly stabilizing a FM phase at room temperature. The
magnitude of this magnetic contribution was verified on sample 2, deposited under
the same conditions, and is found to be identical, showing that it is reproducible for
a given set of deposition parameters and a given thickness.

FM layers at interfaces with capping layers and the substrate have been previously
observed [21] and will be studied in details in Chapter 6. In an effort to determine if
the entirety of the magnetic signal originates from these FM interface layers, we com-
pare two films of different thicknesses. Fig. 2.9 shows the M(H) hysteresis recorded
in the nominally AF phase near room temperature, for 18 nm and 85 nm thick FeRh
thin films deposited under the same conditions. The magnetic moment of the film has
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Figure 2.9: M(H) hysteresis of 18 nm (filled squares) and 85 nm (open circles) FeRh
thin films near room temperature, in the nominally AF phase. Both films were grown
with the standard parameters 600◦C, 2 mTorr, 40 W. The integrated moment is the
total moment divided by the surface area of the film.

been normalized by the surface area only, instead of the volume, so as to represent
an ”integrated moment” in emu/cm2.

The saturation magnetization MS is reached at 2 T. The 18 nm film has MS =
2.6720×10−4 emu/cm2 and the 85 nm film has MS = 8.1068×10−4 emu/cm2. We
assume that the two films have the same interfacial layers, therefore after subtraction
of the thinner film to the thicker film, any residual FM signal is distributed through the
entire 67 nm left. A residual magnetization of 81 emu/cc is determined. A magnetic
signal originating from the top and/or bottom interfaces only would result in the same
integrated moment for all films, regardless of their thickness. The residual magnetic
signal corresponds to 7 % of MS of the FM CsCl phase (1130 emu/cc) which is in
good agreement with the fraction of disordered phase estimated from the chemical
order parameter S according to

rRh = FRh + (1− FRh)S (2.7)

with rRh the fraction of Rh site occupied by the right atoms and FRh the fraction of
Rh atoms in the alloy [31]. The fraction of disordered phase is equal to 1 − rRh and
ranges from 5 to 7 % for films deposited under the same standard conditions. We
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then conclude that the residual FM signal in nominally AF FeRh thin films is due
to a combination of interfacial effects and a small residual fraction of FM chemically
disordered bcc phase.

2.6 Phase diagram

Background

Following the discovery of the unusual magnetic transition in equiatomic FeRh by
Fallot et al. in 1938 [1], several groups focused on the change in T0 and magnetic and
structural properties as a function of Fe to Rh ratio. A series of papers from the 1960’s
studied bulk samples of different compositions near the equiatomic ratio towards the
elaboration of a phase diagram. [2, 3, 42, 45, 46]. The sample preparation differs from
group to group, with high temperature anneal ranging from 950◦C to 1200◦C for a
few hours up to a day and subsequent heat treatment of either a slow furnace cooling
or a water quench. As a result, samples with varying homogeneity in structure and
composition are obtained. In particular, the presence of a residual fcc γ phase and the
effect of quenching on the chemical order are debated. Note that the chemical ordering
parameter was not reported, but simply qualitative statements on the chemical order
were made such as ”well ordered” and ”highly ordered” [3, 46], therefore it is likely
that the chemical order vary from sample to sample, thereby inducing uncertainty
in the phase diagrams reported. Based on all this work and a few additional later
reports, Swartzendruber proposed in the 1980’s an updated phase diagram for the
Fe-Rh system over the full range of composition [6]. This diagram as referenced in the
ASM International Alloy Phase Diagram DatabaseTM is reproduced in Fig. 2.10 [47].

10 years later Takahashi et al. [16] showed that samples with the slow cool heat
treatment had a broader transition than samples obtained by fast quench. From the
study of their quenched samples they suggested a correction to the original phase
diagram. A portion of the two phase diagrams proposed are shown in Fig. 2.11.

While both phase diagrams agree qualitatively for the location of the Curie transi-
tion and the γ fcc phase region at high temperature, the details of the location of the
FM to AF transition are quite different. According to Swartzendruber the transition
temperature increases with increasing Rh composition from 48 at.% to 55 at.% and
then decreases sharply. According to Takahashi et al. the transition temperature in-
creases with a higher slope from 47 at.% to 49 at.% and then decreases with a similar
slope from 49 at.% to 51 at.%. Both show that the maximum transition temperature
is around 395 K and that away from the maximum towards lower Rh composition,
the AF phase α” transforms into the FM phase α’ upon heating, while on the higher
Rh composition side, the α” phase transitions into a two phase region of α” and γ.
Note that Takahashi et al. do not specifically indicate the boundary between α’ and
α” in the two phase region with γ.
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Figure 2.10: Fe-Rh Phase Diagram (1990 Swartzendruber L.J.) reproduced from ASM
Alloy Phase Diagrams.

Proposed phase diagram

Controlling the Ar sputter pressure during our thin-film deposition process allows
us to control the composition of the film. Further, for a given pressure, a composition
drift was seen in the samples over time (estimated at 0.05±0.03 at.% per micron of
film deposited). Films deposited close in time but at different pressure or at the same
pressure but later in time cover the composition range of 48 at.% to 52 at. % Rh.

In an attempt to propose an updated region of the phase diagram, we turn to lit-
erature data of both bulk and thin film samples. After careful review of the bulk data
referenced by Swartzendruber, only temperature/composition data sets for which the
structure was determined by x-ray diffraction and the magnetic transition measured
by magnetometry was selected [3, 45, 46, 48]. Additionally, from 2003 to 2013, a
large amount of work has been reported on FeRh in thin-film form. A review of the
literature was performed and to eliminate structural and strain effects that could af-
fect the transition temperature, only thin films with a minimum thickness of 50 nm
grown on MgO substrates were selected. Further selection of reliable data sets was
based on the following criteria: the broadening of the transition was 50 K or less, the
chemical composition was explicitely analyzed and the magnetic field applied during
the M − T measurement of the transition was clearly stated. Most of the data sets
selected through this process are for samples fabricated by sputter deposition fol-
lowed by a high temperature anneal and for which the composition was determined
by RBS [7, 8, 9, 14, 28]. Error bars for all data points are added to take into account
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Figure 2.11: Binary phase diagrams of the Fe-Rh system proposed by Swartzendruber
in 1984 and Takahashi et al. in 1995. The portion of the diagrams shown here is
limited to the temperature range of 273 K to 1073 K and Rh composition range of
40 at. % to 65 at. % and contains the region of interest in which ordered FeRh
experiences the 1st order magnetic phase transition.

the limited accuracy of the method of composition determination and any inaccuracy
of the temperature measurement due to the breadth of the transition (the FWHM of
derivative of M(T ) was used).

Figure 2.12 shows the comparison between our thin-film data and our selection
of the existing literature data both on thin-film and bulk samples. The temperature
plotted here is the average of the transition temperature upon heating and cooling,
which are defined as the temperatures at which the magnetization reaches half of
its maximum value, respectively upon heating and cooling. The combination of our
data and the reference data agrees poorly with both existing phase diagrams which
are outlined on the plot for reference. Instead, by using our error bars to draw
boundaries to our data and extrapolating at higher at.% Rh, we propose an AF region
which ranges from 47.5 at.% to 56 at.% Rh. The maximum transition temperature
observed is around 397 K at 48.5 at.% Rh and is consistent with Takahashi et al..
Our update also qualitatively agrees with their diagram in showing that the transition
temperature then decreases from the maximum value for higher Rh concentrations.
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Figure 2.12: Proposed update (solid red lines) to the equiatomic region of the Fe-
Rh phase diagram based on experimental measurements of single crystal thin films.
Blue dashed (dotted) lines are for proposed phase boundaries (Swartzendruber and
Takahashi respectively) from the literature.

On the lower Rh concentration on the other hand, a sharp decrease is observed as we
have found that samples of composition 47.5 at.% Rh or lower are fully FM with no
magnetic transition observed down to cryogenic temperatures. We suggest that the
selected existing data, both bulk and thin film is in better qualitative agreement with
our proposed diagram.

In the two-phase region shown on the diagram, at thermodynamic equilibrium,
two phases with different composition given by the tie-line construction and the lever
rule co-exist. In our measurement, we are not able to observe chemical separation of
the two phases, instead we assume that the AF and FM phases have the same fixed
composition. Therefore the diagram proposed is not the thermodynamic equilibrium
diagram. Finally, we want to address the α + γ two-phase region. No γ phase was
found in our samples from x-ray diffraction phase determination at room temperature.
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This suggests that the α+γ region is not connected to the AF phase region but instead
starts at composition 56 at.% Rh or above.
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Chapter 3

Simulation and design of x-ray
transparent heater stages

3.1 Introduction

The advancement of X-ray optics has allowed spatially resolved X-ray spectro-
microscopies using synchrotron light. These powerful analytical techniques provide
information such as chemical state, phase identification and structure determination
at a local level in thin films and other nanomaterials. Temperature dependent in-situ
measurements allows chemical, phase and structural analysis in real time. Micro-
fabricated heaters have been used for in-situ experiments in a transmission electron
microscope [49] and for in-situ catalysis experiments in a scanning transmission X-
ray microscope [50], but most in-situ temperature dependent experiments still rely
on traditional massive heater stages that require large amounts of power and are slow
to stabilize.

Microfabricated membrane-based microcalorimeters have been used for well over
a decade to study the thermodynamic properties of thin films and small samples [51].
Our group recently reported a scaled down design: a nanocalorimeter with an amor-
phous silicon nitride membrane as thin as 30 nm [52]. Figure 3.1 shows a top view
micrograph of a typical nanocalorimeter. It consists of a silicon frame with a thin
amorphous silicon nitride membrane, a platinum resistor heater and an ensemble of
platinum and niobium-silicon alloy resistor thermometers on top. The central part
of the membrane constitutes the sample area where for example a thin film can be
deposited on the backside. The Pt resistor heater has heater line-width = 12 μm and
spacing between heater lines = 68 μm.

The thinness of the membrane makes our nanocalorimeter a good candidate for a
portable X-ray transparent platform with low power heating, rapid thermal response,
and built-in temperature sensing capabilities. This new device offers a range of appli-
cations to temperature dependent spectromicroscopy studies in sensitive equipment
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Figure 3.1: Micrograph of the nanocalorimeter. The Si-N membrane (2 mm by 2 mm)
and the sample area (1 mm by 1 mm) are indicated. The arrows point to the Pt heater
and thermometer. The other features on the sample area are additional thermometers
and the features on the Si frame are matching thermometers to allow differential
temperature measurements. The full device can be cleaved to fit on a 5 mm by 5 mm
chip but the standard 10 mm by 10 mm chip is usually used.

that do not support macroscale heating of a sample platform. Applications include
measurement of structure and magnetic domain changes at a phase transition and
real time imaging of annealing effects on microstructure for materials ranging from
magnetic films to polymers and photovoltaic thin films. For these applications, the
sample area can be cycled between room temperature and hundreds of degrees in
less than a second with mW of power while the frame of the device remains at room
temperature. The temperature of the sample area can be measured either by the re-
sistance of the heater itself or by one of the thermometers, allowing feedback control
of the temperature.

The method used for calorimetry is based on small increases of sample area tem-
perature above the base temperature of the frame T0 (the so-called small-ΔT relax-
ation method, performed in high vacuum [53]). Many of the temperature-dependent
spectromicroscopy applications require large ΔT . In addition, the typical environ-
ment of an X-ray microscope ranges from high vacuum to atmospheric pressure. We
have previously performed simulation work to understand the thermal uniformity and
heat transfer behavior of our device in vacuum and in the small ΔT regime for both
thin films [54] and small bulk samples [55]. For spectromicroscopic applications, the
high temperature and non-vacuum environment require that heat loss by radiation
and by conduction and convection through the gaseous environment be taken into
account and the consequences on the temperature uniformity of the sample area be
investigated.

In this article, we first show experimental characterization of the thermal behavior
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of our device in both vacuum and air with large ΔT . Then we present the numerical
model that is used to simulate the steady-state temperature distribution in which heat
loss contributions from conduction, radiation, and convection are analyzed. Small ΔT
and large ΔT , and effects of radiation, convection and gas pressure will be discussed.
Results of simulation will be discussed and used to suggest a new design. The new
design has been fabricated and thermally characterized; results will be discussed.

3.2 Experimental measurement of power and

temperature

Power versus temperature measurement

First we characterize how the power dissipation is affected by the environment
(e.g. vacuum or non-vacuum) for large ΔT . The temperature of the sample area
(T0 +ΔT ) here is measured by the resistance of the heater itself. The first step is to
calibrate the resistance versus temperature, R(T ), of the Pt heater. This is done in a
vacuum cryostat with the Si frame attached to a sample block which has an external
heater and calibrated thermometer. The sample block temperature, T0, is raised
incrementally, and the resistance of the thin-film Pt heater is measured by a 4-wire
measurement. The current I used in this R(T ) calibration measurement is kept small
to prevent self-heating. Next, keeping the sample block and Si frame’s temperature
constant at some T0, another 4-wire measurement is performed where the current
I to the heater is incrementally increased, raising the temperature of the device Pt
heater while the voltage V across the Pt heater is monitored. The temperature of
the sample heater (T0 +ΔT ) is then determined from R = V/I using the calibration
curve. The power P dissipated by the sample heater is calculated from P = V I.

Figure 3.2 shows a measurement of the change in heater temperature ΔT as a
function of power for different T0 and in both air and vacuum. The curves labeled
“vacuum” were taken in a high vacuum cryostat with a pressure of 4 × 10−7 Torr
with the sample block held at different base temperatures T0 ranging from 200 K to
363 K. ΔT decreases with increasing T0 due to increasing thermal conductivities of
the Si-N membrane and Pt leads with temperature. The curves labeled “air” were
taken in air at atmospheric pressure with the sample block held at room temperature
or on a hotplate with T0 ranging from 323 to 363 K. These ΔT data also decrease
with increasing T0.

A large difference in power is observed between the thermal behavior of the device
in vacuum and in air. As will be later detailed, this dramatic difference is due to heat
transfer through the air. In vacuum, 0.4 mW is sufficient to reach ΔT=100 K at T0

= 295 K. In air, the device reaches the same ΔT=100 K with 15 mW of power.
In this experiment, the temperature measured is the average heater temperature

ΔTav,h. For small ΔT in vacuum, we have previously shown that the sample area is
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Figure 3.2: Measured temperature rise ΔT of heater from R(T ) calibration versus
power P for a nanocalorimeter in vacuum and in air. As shown in Section 3.2, in
vacuum, this is the sample area average temperature; in air, because of sample area
thermal inhomogeneities, this is the average heater temperature ΔTav,h. Inset: same
data on an expanded scale to more clearly show the data in vacuum. Sample block
temperatures: T0 = 295 K, 323 K, 338 K, 363 K. Additional temperatures in vacuum:
T0 = 200 K, 250 K.

isothermal to 2% of ΔT and the sample area average temperature is then the same as
ΔTav,h. But in situations as described in this paper (large ΔT in air), non-uniformities
in temperature in the sample area are found, resulting in ΔTav,h being different from
the sample area average temperature, and this measurement lacks information about
the spatial temperature distribution.

Microscale thermography provides a complete spatial temperature distribution of
the sample area which can then be compared to 2D simulation results presented in
Section 3.3. However, limitations of the thermography techniques used, which are
inherent to the specifics of our device, were discovered and will be discussed.

Two complementary microscale thermography techniques were used to perform
thermal imaging of a nanocalorimeter in air: infrared microscopy and thermore-
flectance microscopy [56]. Materials that are good reflectors can be easily imaged
by thermoreflectance microscopy, while materials that are good emitters can be eas-
ily imaged by infrared microscopy. The membrane, consisting of thin highly trans-
parent Si-N, is not suitable for either of these imaging techniques. Because we are
unable to directly measure its temperature the Si-N outside of the sample area is not
shown. Metal films (Pt heater and thermometer on the front, or Au film on the back,
commonly used in our group to provide a thermal equilibration of the sample area)
allow us to use these techniques to measure the sample area temperature distribu-
tion. Thermal images of the sample area of the nanocalorimeter with a 50 nm Si-N
membrane and a 45 nm Au layer on the back using both techniques are shown in
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Figure 3.3: Experimental thermal maps showing ΔT of the sample area of a
nanocalorimeter with a 45 nm Au thermal conduction underlayer, a 50 nm Si-N mem-
brane and 50 nm Pt heaters and thermometers, obtained in air by (a) infrared ther-
mography with heater power of 12.4 mW and an elevated base temperature T0 = 90◦C
to improve infrared emission, (b) thermoreflectance microscopy with heater power of
11.5 mW and a base temperature of T0 = 23◦C. Figure 3.3 (a) shows ΔT for Pt
only due to low emissivity of Au and Figure 3.3 (b) shows ΔT for Au only due to
low thermoreflectance coefficient of Pt. ΔT color scale is shown on the right of each
image.(c) Composite image of the Pt area from image (a) and the Au area from image
(b), as explained in text.

Figure 3.3 and discussed in Sections 3.2 and 3.2.

Infrared microscopy

Infrared microscopy measures the infrared thermal radiation (mid-wavelength in-
frared radiation 2 to 5.5 μm) emitted from the different areas of the device with
a spatial resolution of 2 to 4 μm and a thermal sensitivity better than 0.1 K [57].
In addition it provides experimental emissivity parameters needed in the simulation.
In particular this measurement shows that the Si-N has a low emissivity, contrary
to what was assumed in previous work. Figure 3.3 (a) shows a thermal map ob-
tained by infrared microscopy. The measurement was performed at an elevated base
temperature T0 = 90◦C to increase detection efficiency and image quality.

The first step is to calibrate the image by determining the materials’ emissivity.
This is done for each pixel by comparing the measured radiance to a blackbody
reference. This calibration step assumes that the transmitted component is negligible.
This assumption is not valid for the transparent Si-N membrane and even the metal
layers are partially transparent at these wavelengths due to their thinness (40-50 nm).
As a result the infrared calibration measurement overestimates the emissivitites of the
Pt and Au areas of the device and therefore underestimates the temperature.



31

The measurement works best for the Pt layer (corresponding to the heater and one
thermometer) as it is the thickest layer on the membrane and the least transparent.
The backside Au layer is too thin to give a good infrared image and so it appears
much colder (i.e. closer to the 90◦C of the stage). The relative temperatures of the
Pt regions are accurate to 0.4 K. In order to measure absolute temperatures, we must
correct for the overestimation of the Pt emissivity and the consequent underestimation
of the absolute temperature. The emissivity of Pt was measured to be εPt = 0.155
and is corrected to εPt = 0.12, as explained in Section 3.3.

Thermoreflectance microscopy

Thermoreflectance microscopy enables thermal mapping with a sub-micron spatial
resolution and a thermal sensitivity as low as 0.01 K [58, 59]. It measures a relative
change of reflectivity � as a function of temperature. This change is small for most
materials, but it is larger for Au than Pt by over an order of magnitude. It therefore
provides a good thermal map of the Au thermal conduction layer and is shown in
Figure 3.3 (b) which displays a non-uniform temperature distribution of the Au.
Since the image is not calibrated pixel by pixel, but rather with one single value
corresponding to the Au, both the Pt and Si-N appear cold due to much smaller
change in �. In our measurement the change of reflectivity of the Pt and Si-N layers
is lost in noise.

The relative temperatures of the Au regions in Figure 3.3 (b) are accurate to
0.5 K. In order to put an absolute temperature scale onto the Au data in Figure 3.3
(b), we need the thermoreflectance coefficient d�/dT . In addition to being material-
dependent, the thermoreflectance coefficient d�/dT is also wavelength dependent
and is strongly affected by interferences with covering layers. The literature value
of d�/dT = −2.2 × 10−4K−1 for bare Au. This value and the non-monotonic effect
of overlayers is discussed in ref. [60]. Au covered with the 30 nm Si-N membrane
was found in our experiment to have |d�/dT | = 8.5 × 10−4K−1 at a wavelength of
470 nm. Note that in this experimental set-up, only absolute values of d�/dT were
obtained. The error bar is associated with a visible variation across the sample area
during the calibration procedure. Figure 3.3 (b) was taken with a 50 nm membrane.
To get the value of d�/dT for this sample, we use the heater R(T ) calibration, from
which we calculate ΔTav,h and from this and the data in Figure 3.3 (b), we derive
d�/dT = −3.6× 10−4K−1, which is within the expected range.

Figure 3.3 (a) therefore provides the temperature distribution of the Pt heater
and thermometer with T0 = 90◦C and Figure 3.3 (b) the temperature distribution of
the Au thermal conduction layer with T0 = 23◦C. Both data sets are taken in air and
show that the central sample area has a reasonably uniform temperature. A similar
ΔT = 100K is achieved for both measurements. The temperature distributions are
similar, with small differences due to differences in base temperature T0, heater power
and environment between the two measurements. A composite image is constructed
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by combining the Pt area from the infrared microscopy experimental map with the
Au area from the thermoreflectance microscopy experimental map in Figure 3.3 (c).
The two complementary techniques were combined to obtain the complete thermal
characterization of the nanocalorimeter.

3.3 Simulation

Parameters determination

In order to model the heat transfer behavior of our nanocalorimeter used as a
heater stage, we must take into account conduction heat transfer and two other
significant contributions to heat loss not included in the 2D numerical simulation
model previously reported [54] and [55]: radiation and convection / conduction
through the gas. The first conduction term represents the heat lost by conduction
through the different layers of materials that constitute the device and is modeled by
the linear Fourier’s law. The heat lost by radiation is non-negligible above 100 K and
is modeled based on the Stefan-Boltzmann law of blackbody radiation P = AσεT 4

making it a non-linear term in the equations. Finally, the heat lost by convection
and conduction through the gas can be approximated by a term that is linear in ΔT ,
using a coefficient h determined by empirical correlations [61].

Therefore the steady-state heat equation has the form:

−∇ · (k2D∇u) + hu+ σε
(
(u+ u0)

4 − u0
4
)
= P2D (3.1)

where u = ΔT , k2D is the two dimensional thermal conductivity in W/K (thermal
conductivity multiplied by thickness of film), h is the convection heat transfer coeffi-
cient in W· K−1· cm−2 (including conduction through the gas), σ is Stefan-Boltzmann
constant, ε is the emissivity, u0 = T0 is the base temperature (for example room tem-
perature) and P2D is the two dimensional power dissipated in the heater in W/cm2.
In this equation all parameters depend on x,y coordinates which represent the differ-
ent elements of the nanocalorimeter. Two dimensional thermal conductivities are as-
sumed to add in parallel; for example, where Au is on top of Si-N ktotal

2D = kAu
2D+kSi−N

2D .
This two-dimensional non-linear partial differential equation is solved to give

u(x, y) with a finite element method using the MATLAB partial differential equa-
tion toolbox function pdenonlin. The following approximations from the previous
simulation work are still assumed to be valid: (1) the 2D approximation (because
the out of plane dimension is orders of magnitude smaller than all in plane dimen-
sions) and (2) uniform dissipation of power at all x,y points in the Pt heater. In the
simulation, the tolerance on the size of the residual at termination, which controls
the accuracy of the computed solution, had to be increased to 10−12 in order for the
non-linear solution to converge. Each contribution to Equation 3.1 is modeled by one
or several parameters. First, we discuss how each parameter is determined, and then
we will turn to the simulation results.
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Figure 3.4: Thermal link of nanocalorimeter in vacuum κ = P/ΔT versus average
temperature of the thermal link T0 +ΔT/2, comparison of experimental data taken
with small-ΔT measurement (continuous lines) and simulation data using thermal
conductivities and emissivities as explained in the text (star symbols).

Conduction

In order to determine the appropriate k2D(x, y) parameters, we turn to small-ΔT
measurements in vacuum with different base temperatures. Figure 3.4 shows the
thermal link of the nanocalorimeter κ = P/ΔT plotted as a function of its average
temperature. In the limit of an isothermal sample area for small ΔT (ΔT ≤ 0.01T0),
the average temperature of the sample area (Au layer) is T0 + ΔT and the average
temperature of the thermal link (Si-N membrane and Pt leads) is T0 +ΔT/2.

In vacuum, for small ΔT there are three different contributions to the thermal
link between the sample area and the environment: conduction through the Si-N
membrane, conduction through the Pt leads to the heater and thermometers, and
the first order contribution to radiation, AσεT 3

0 . The contribution of conduction
from Pt is calculated from a resistivity measurement of the Pt heater or thermometer
using the Wiedemann-Franz law. The contribution from radiation is calculated from
the cubic term of κ(T ). Both radiation and Pt contributions are subtracted from the
measured κ to give κSi−N as a function of temperature. A detailed description of this
analysis can be found elsewhere [62].

The simulation parameter kSi−N
2D is adjusted until the simulated membrane contri-

bution fits the experimental curve. The following relationship between the experimen-
tal thermal conductance and the two dimensional thermal conductivity used in the
simulation is then determined: κSi−N = 10.2×kSi−N

2D , where 10.2 is a geometric factor
characteristic of the membrane, in good agreement with previous work [54]. The two
dimensional thermal conductivity of the thermal conduction layer (in our case gold)
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is calculated by kAu
2D = kAu × t with kAu the thermal conductivity value reported in

the literature [63] and t the thickness of the film. Note that we measured the electri-
cal resistivity of the 45 nm Au thermal conduction layer and calculated the thermal
conductivity to be kAu=1.850 W· K−1· cm−1 at 300 K using the Wiedemann-Franz
law. This value is within a factor of 2 of the literature value used in the simulation
(kAu=3.17 W· K−1· cm−1 at 300 K).

For the simulations to be used in this paper, a constant value of k2D is assigned
to each material layer. Including a temperature-dependent conductivity would vastly
increase the computational time needed to iterate to a solution and for the limits
examined in this work is not relevant. In vacuum for small ΔT (ΔT ≤ 0.01T0) at
all T0, k is to first order linear in T , so taking k as a constant value corresponding
to the average temperature is correct. For example, the average temperature of the
membrane is T0 + ΔT/2 so the value assigned for Si-N is kSi−N

2D (T0 + ΔT/2). In air
at temperatures above room temperature the k2D of all layers will be set to their
value at T0; this is a good approximation because temperature-dependent deviations
in thermal conduction are negligible compared to the contributions from radiation
and convection. This constant approximation would not be true for large ΔT at
low temperatures, even in vacuum, and a more complete treatment of the thermal
conductivity in a simulation would then be necessary [62].

Radiation

From the calibration done for the infrared thermography measurements shown
in Section 3.2 we determined the emissivity of each material on the device. This
revealed that the Si-N membrane is a low emitter compared to the metals due to
its high transparency and thinness. The emissivity values of the metal layers were
measured by infrared microscopy to be εAu = 0.085 and εPt = 0.155, with the εSi−N

much smaller than either. We therefore take the emissivity of Si-N to be zero and
assume that only the metal layers on the device have a non-zero emissivity and radiate
through the transparent Si-N. As discussed in the experimental section, emissivities
determined by infrared microscopy were overestimated due to the partial transparency
of all the materials. Not surprisingly, it is found that values smaller than the measured
values are needed to obtain a good match between simulation and experimental data
in Figure 3.4. The best match is achieved for εAu = 0.06 and εPt = 0.12. These values
also are in good agreement with values reported in the literature [64] and will be used
in all the simulation results presented here.

Convection and conduction through the gas

There are three different regimes for heat loss through a gaseous medium for this
geometry: a turbulent regime known as classical free convection, a laminar regime
where conduction through the gas occurs very much like conduction through a solid,
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and a molecular flow regime where the mean free path of the molecules exceeds the
characteristic system size so heat is transfered by direct molecular impingement [36].
Using empirical correlations based on dimensionless parameters, the transition pres-
sures between the different regimes were determined based on the characteristic length
of our system (silicon frame thickness of 475 μm or Pt heater dimensions in the range
of 300 to 500 μm).

The transition between laminar and turbulent regimes is determined by the Rayleigh
number (See Appendix A for details). For our system, because of the small length-
scale, the turbulent regime is estimated to occur well above 760 Torr so it is not
accessible in our experimental conditions. The transition between laminar fluid flow
and molecular flow is determined by the Knudsen number(See Appendix A for de-
tails). For nitrogen the transition is reached for p ≈140 mTorr, calculated for a
characteristic length d = 475 μm. Variation of the characteristic length between 300
and 500 μm gives a transition pressure ranging from 230 mTorr to 130 mTorr.

In the laminar regime the convection coefficient h can be estimated by h = 2× k
d

with k the thermal conductivity of the gas and d the characteristic length of the
system (factor 2 accounts for heat loss on top and bottom of the membrane). The
thermal conductivity of gases is independent of pressure in this laminar regime. If we
approximate air by its main constituent nitrogen (k = 0.026 W·K−1·m−1 [63]) we find
h=0.0109 W·K−1·cm−2 at room temperature, calculated for d = 475 μm. Variation of
the characteristic length between 300 and 500 μm gives a laminar regime convection
coefficient h ranging from 0.02 W·K−1·cm−2 to 0.01 W·K−1·cm−2.

In the molecular regime, the coefficient becomes highly pressure-dependent and
decreases linearly with pressure. It is calculated from the molecular impingement
flux J(p) by h = 2 × J × CV

NA
with CV the molar heat capacity of the gas and NA

the Avogadro constant [36] A. For example, for a pressure of 10 mTorr, h = 3.74 ×
10−4 W·K−1·cm−2.

We vary h to get the simulated ΔTav,h to match the experimental ΔTav,h calcu-
lated from the thermal maps. We obtain for
(a) infrared microscopy h = 0.0151± 0.0007W·K−1·cm−2 and for
(b) thermoreflectance microscopy h = 0.0137± 0.0006W·K−1·cm−2.
With the above values well within the range of calculated laminar convection coeffi-
cient (0.01 to 0.02), experimental thermal maps shown in Figure 3.3 are well matched
(further discussed in Section 3.4).

Simulation results

After determining the parameters of the model we simulate selected sets of con-
ditions that cover the full range of applications of the device from small ΔT in high
vacuum to large ΔT at atmospheric pressure. The isothermal contours of the calcu-
lated temperature solutions are shown in Figure 3.5. The frame T0 is set to 295 K
and 1% isothermal contours are shown. For each set of conditions a small ΔTav,h of
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Figure 3.5: Comparison of simulations showing 1% isothermal contours for different
operating conditions of the nanocalorimeter. Each layer of the modeled nanocalorime-
ter (Si-N membrane, Au thermal conduction layer and Pt heater and thermometers)
is 50 nm thick. The base temperature T0 = 295 K and the thermal conductivi-
ties input in the model are for 295 K for simplicity (kSi−N

2D = 1.434 × 10−7 W/K,
kPt
2D = 5.824 × 10−7 W/K and kAu

2D = 1.586 × 10−5 W/K). The heater power ranges
from 2.5 μW to 10.6 mW, chosen in each case to give a small ΔTav,h of 1 K or a large
ΔTav,h of 100 K and is detailed in Table 3.1 with the other parameters used.

Simulation (a) (b) (c) (d) (e) (f) (g) (h)
εAu 0 0 0.06 0.06 0.06 0.06 0.06 0.06
εPt 0 0 0.12 0.12 0.12 0.12 0.12 0.12
h 0 0 0 0 0.000374 0.000374 0.0109 0.0109

P2D 0.0056 0.56 0.0080 0.90 0.021 2.1 0.25 25

Table 3.1: Parameter values used in the simulation presented in Fig. 3.5: emissivities
εAu and εPt, convection heat transfer coefficient h in W·K−1·cm−2 and two dimensional
power dissipated in the heater P2D in W/cm2.

1 K and a large ΔTav,h of about 100 K are simulated. The heater power is adjusted
to reach this ΔTav,h. The values of the different simulation parameters varied (heater
power, emissivities and convection heat transfer coefficient) to obtain the results pre-
sented in Fig. 3.5 are summarized in Table 3.1 for completeness and clarity.

Figure 3.5 (a) and (b) were simulated using our previous model that ignored
radiation (appropriate for the lower T0 discussed there) [54]. The sample is shown to
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be 3% isothermal (meaning that the 3% contour line is the highest contour that lies on
corners of the sample area), slightly higher than the 2% previously reported at 20 K
because the ratio of thermal conductivities kAu

2D/k
Si−N
2D is lower at 295 K than 20 K. No

difference in thermal contour lines between the two different powers (corresponding
to small ΔT and large ΔT ) is observed in this linear model (no radiation). Note:
this is observed because the thermal conductivities k are assumed independent of T
in the simulation; differences are expected in large ΔT when including k(T ).

Figure 3.5 (c) and (d) show that by adding the radiation term the power required
to reach ΔT = 1 K and 100 K increases somewhat and is non-linear. The sample
is now only 4% isothermal, and the contour lines slightly shrink toward the center
with increased power, i.e. the value of the heater power now affects the thermal
contour lines. These changes in power needed to reach ΔT = 1 K and 100 K were
seen experimentally in Figure 3.2.

Adding a convection term greatly increases the power required to reach ΔT = 1 K
and 100 K and great increases the thermal non-uniformity of the sample area, as can
be seen in Figure 3.5 (e) and (f). In a N2 pressure of 10 mTorr the sample area is now
only 8% isothermal. The relative radiation loss contribution is diminished compared
to the convection loss contribution; as a result the power needed to reach ΔT = 1 K
and 100 K is almost linear and only small changes are seen between small ΔT and
large ΔT .

Finally, the power needed to reach ΔT = 1 K and 100 K is 50 times greater than
in vacuum. Figure 3.5 (g) and (h) show that in N2 at 760 Torr, the convection heat
loss is dominant. Most of the temperature gradient occurs on the sample area and
the entire membrane is close to T0. The power needed to reach ΔT = 1 K and 100 K
is linear and no difference can be seen between small and large ΔT regimes because
at atmospheric pressure, the (linear) convection loss dominates the radiation loss.

3.4 Discussion

Vacuum

In vacuum, ignoring radiation and for small ΔT , we have previously shown that
keeping the sample area better than 2% isothermal (a condition necessary for the
relaxation method of heat capacity measurement to be valid) is achieved by using a
thermal conduction layer of approximately the same thickness as the membrane [54].
Here we investigate if this still holds in the large ΔT regime, with and without
radiation.

Figure 3.5 (d) shows that at room temperature, a nanocalorimeter with a Au
thermal conduction layer as thick as the membrane is 4% isothermal. This is due to
decreased kAu

2D/k
Si−N
2D at 295 K compared to earlier work at low T as mentioned in the

previous section and to radiation heat loss.
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Increasing the thickness of the thermal conduction layer is sufficient to recover the
2% isothermal criterion. For example 150 nm of Au is sufficient at a base temperature
of 295 K for a large ΔT=200 K for a 50 nm Si-N membrane. We note however that
2% of 200 K represents a temperature gradient across the sample area of 4 K, which
for some purposes is too large. At room temperature using a 150 nm Au thermal
conduction layer the largest ΔT where the sample area will be 1 K isothermal is
50 K. The Au thickness must be increased further to maintain a 1 K accuracy at
larger ΔT .

Atmospheric and other non high vacuum environment

In air the sample area becomes so non-isothermal that increasing the thickness of
the thermal conduction layer is not a practical solution. Even for small ΔT , use of the
current design as a heater stage requires an isothermal area large enough for X-ray
spectromicroscopy and the ability to extract the temperature of that particular area.
Simulated temperature profiles allow us to locate areas of interest on the current
nanocalorimeter design and calculate their temperature. As explained earlier, the
temperature measured experimentally is ΔTav,h. We calculate the equivalent in the
simulation by averaging 176 points over the heater.

Figure 3.6 (a) shows a thermal map simulated in conditions corresponding to
the thermoreflectance measurement (Figure 3.3 (b)). These conditions are similar
to the conditions used in the thermal distribution simulated in Figure 3.5 (h) (large
ΔT in air at 760 Torr). Using a coefficient h=0.0137 W·K−1·cm−2, a good match
is achieved for ΔTav,h between the experimental measurement and the simulation
(ΔTav,h = 90 K). Comparison between experimental and simulated temperature pro-
files along the horizontal direction of the nanocalorimeter is shown in Figure 3.6 (b).
Matching between the simulation and the experiment can be improved by increasing
the coefficient h and decreasing the d�/dT used in the thermoreflectance calibration
in an iterative manner. Results from the first iteration are qualitatively good enough
for the purposes of this work and are shown here.

Figure 3.7 shows simulated isothermal contours (same simulation as Figure 3.6).
Two symmetric maximums in the temperature distribution are located along the
heater. We can distinguish a large 1% isothermal area located between two ther-
mometer segments, almost at the center of the device. Its temperature is 7 to 8%
below the maximum temperature in the simulation, and 4% higher than ΔTav,h. A
disk of diameter 50 μm fits in this area.

Since convection is the dominant term of heat loss, reducing it can result in sub-
stantial improvements in power consumption and uniformity of temperature distribu-
tion of the sample area. In some cases, this can be done by experimentally achievable
intermediate pressures. Our simulation shows for example that the size of the largest
1% isothermal area increases by 50% when the pressure is decreased to 100 mTorr
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Figure 3.6: (a) Simulated thermal map with the following parameters chosen to
match the thermoreflectance measurements of Figure 3.3: T0 = 295 K, kSi−N

2D =
1.434 × 10−7 W/K, kPt

2D = 5.824 × 10−7 W/K and kAu
2D = 1.427 × 10−5 W/K,

P2D = 27.1 W/cm2, εAu = 0.06 and εPt = 0.12, h=0.0137 W·K−1·cm−2 (large ΔT in
air, similar to Figure 3.5 (h)). (b) Comparison of experimental and simulated tem-
perature profiles along the horizontal profile cut indicated in (a). The experimental
data points (blue circles) are from Au areas along the same horizontal profile cut of
the experimental thermal map shown in Figure 3.3 (b).

Figure 3.7: Isothermal contours simulated with the same parameters as Figure 3.6
(experimental conditions of thermoreflectance measurement). 5% contours are shown
over the entire nanocalorimeter and 1% contours are shown in the expanded inset
with the largest isothermal area highlighted.
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(not pictured), and by more than a factor of 10 when the pressure is reduced to
10 mTorr, where the molecular flow convection regime is reached (Figure 3.5 (f)).

Improved design

Sections 3.4 and 3.4 show that the isothermal character of the calorimeter’s sample
area can often be improved by decreasing the background pressure and/or increasing
the thickness of the thermal conduction layer, but in many cases these experimental
conditions cannot be altered. Therefore, the intrinsic design of the heater stage needs
to be improved for use as a versatile X-ray stage.

There are several current characteristics of the device that we would like to main-
tain as they fit the purpose of a portable X-ray transparent heater stage best. First,
to maintain good X-ray transparency it is best to keep a similar design of a thin
wire-like heater so that an X-ray beam can be focused on a small sample area with-
out any additional metal layer. We maintain the same central square sample area so
that both our nanocalorimeter and our heater stage are compatible with the same
deposition mask used for the sample and a metallic thermal conduction layer [52].
The heater can serve the dual purpose of heater and thermometer. Finally, Pt is the
ideal resistance temperature detector due to its linear behavior in the temperature
range of interest and its excellent chemical stability at high temperatures, so we keep
Pt as our heater and thermometer material.

We use experimental measurements and simulation to characterize the tempera-
ture distribution of an alternate heater geometry that consists of a double spiral Pt
heater. The Pt heater line-width is increased and the spacing between Pt heater lines
is reduced, compared to the nanocalorimeter geometry (12 μm heater line-width and
68 μm between heater lines). The geometry is shown in Figure 3.8. The double Pt
spiral has a heater line-width = 40 μm and a heater line spacing = 20 μm. A device
was fabricated with a 30 nm Si-N membrane and 20 nm thick Pt heater giving a room
temperature resistance R ≈ 6 kΩ. The temperature distribution of a 30 nm thick Au
layer on the back of this device was measured experimentally by thermoreflectance
microscopy.

Figure 3.8 shows the temperature contours of the improved design simulated in
air with 15.5 mW of power dissipated in the heater, providing a ΔT of about 100 K.
The new heater design results in only one maximum located at the center of the
sample area instead of the previous 2 maximums observed on the nanocalorimeter. By
reducing the Pt heater line spacings from the 68 μm of the original nanocalorimeter
to 20 μm, the isothermal area is increased by a factor of more than 4 from the
nanocalorimeter, resulting in an area that fits a disk of diameter 240 μm.

In this optimized design, the Pt heater covers the entire sample area therefore the
average sample area temperature is relatively well measured by the heater. ΔTav,h

is found to be 102 K which differs from the 1% isothermal central area temperature
(between 108 and 107 K) by only 5%, thus allowing use of the direct experimental
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Figure 3.8: Improved design with simulated isothermal contours for ΔT = 108 K in
air. The first five 1% isothermal contours are shown, which cover much of the sample
area, and 5% contours are shown after that. The parameters used in the simulation
are as follows: T0 = 295 K, kSi−N

2D = 8.604 × 10−8 W/K, kPt
2D = 2.330 × 10−7 W/K

and kAu
2D = 7.1348 × 10−6 W/K, P2D = 2.33 W/cm2, εAu = 0.06 and εPt = 0.12,

h=0.0137 W·K−1·cm−2, ΔT = 108 K. The double Pt spiral has a heater line-width
= 40 μm and a heater line spacing = 20 μm.

measurement of the heater resistance. If the thickness of the Au layer is doubled to
60 nm, ΔTav,h is only 2% below the 1% isothermal central area temperature.

Figure 3.9 (a) shows the experimental thermal map of the improved design mea-
sured by thermoreflectance and Figure 3.9 (b) shows the experimental and simulated
temperature profiles, plotted along the central vertical cut of the sample area, as
indicated on the thermal map. The thermoreflectance measurement is calibrated for
the Au layer with |d�/dT | = 8.7×10−4K−1. This value was chosen to match the sim-
ulation to these measurements along the vertical cut shown in Figure 3.9 (a). As an
example, a horizontal profile cut would require a slightly smaller |d�/dT | within the
error bar. The Pt appears cold due to a smaller |d�/dT |. The experimental vertical
profile data are pixels corresponding to the Au layer (in between Pt segments). It
is in good agreement with the vertical profile data simulated using our model (line).
The results are in good agreement and show a much improved central thermal homo-
geneity compared to the nanocalorimeter (Figure 3.6 (b)). The temperature gradient
along the profile cut is reduced from 28 K for the nanocalorimeter to 8 K for the new
device; more importantly the temperature gradient in the central 0.5 mm is 15 K
versus 2 K.
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Figure 3.9: (a) Experimental thermal map of the new design measured by thermore-
flectance microscopy and calibrated for Au. The device has a 30 nm Si-N membrane,
a 30 nm Au thermal conduction underlayer and a 20 nm thick Pt heater. (b) Temper-
ature profile along the central vetical cut of the sample area of the improved design
shown in (a). Circles are experimental temperatures from the thermoreflectance Au
thermal map and the solid line is the temperature simulated in the experimental con-
ditions of the thermoreflectance measurement. The same parameters as in Figure 3.8
were used in the simulation.

3.5 Conclusion

By improving our previous simulation model we evaluated the applicability of
our nanocalorimeter as an X-ray transparent heater stage at room temperature or
above in both air and vacuum where the sample heater is used to produce a large
temperature difference between the frame and the sample area.

Taking into account radiation, the nanocalorimeter with a thermal conduction
layer of the same thickness as the membrane is 3-4% isothermal at room temperature
in vacuum, and becomes increasingly less isothermal with either increasing T0 or ΔT .
While the isothermal criterion can easily be recovered in the small ΔT range by
increasing the thickness of the thermal conduction layer, the thermal homogeneity
rapidly decreases when ΔT is increased.

In the use of the device as a heater stage in air we identified convection as the
dominant heat loss term which leads to a very large temperature non-uniformity with
the current design. At 10 mTorr, the sample area is 10% isothermal, with 90% of
the ΔT occuring across the membrane border, but by 760 Torr, the sample area is
extremely non-isothermal with nearly the entire membrane remaining at T0, even for
large ΔT . Successful use of our device in non vacuum environment therefore requires
re-design of the heater.

A simple double spiral design that achieves a relatively large isothermal sample
area was fabricated. Thermal measurements and simulations show greatly increased
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Figure 3.10: Polycrystalline Ni thin film imaged by transmission x-ray microscopy (a)
heated above the Curie temperature at 400◦C (no magnetic contrast) and (b) cooled
below TC at 320◦C (FM domains).

homogeneous areas (up to 240 μm diameter at 1% homogeneity). This heater stage
will enable x-ray transmission microscopy and spectroscopy studies with easy, fast
and precise temperature control, in various environments.

The nanocalorimeter and the double spiral heater stage have been successfully
used in soft X-ray transmission experiments. In a proof of principle experiment
using the nanocalorimeter, the disappearance of magnetic domains in a 30 nm Ni
thin film heated above its Curie temperature (358◦C) was observed with a full field
transmission x-ray microscope (XM-1 at the Advanced Light Source). Figure 3.10
shows the magnetic structure of the polycrystalline film imaged above TC (400◦C) and
below TC (320◦C). As expected, the FM domains disappear above TC and reappear
after cooling. This experiment demonstrates that this membrane-based heater stage is
capable of reaching elevated temperatures relevant to magnetic materials (e.g. Curie
temperatures and metamagnetic transition temperature in FeRh) with very small
power input and short amount of time. The temperature was successfully cycled
several times without showing any degradation of the device.

Preliminary test transmission microscopy experiments of polycrystalline FeRh thin
films were also performed using a-Si-N windows, nanocalorimeters and heater stages.
These measurements were however limited to polycrystalline films. For the study
of the first-order magnetic phase transition in FeRh, study of single crystalline or
epitaxial films is necessary to exclude the influence of many extrinsic effects from
defects seen in polycrystalline films and to obtain a sharper transition in tempera-
ture. Therefore the remainder of the work presented here will focus on FeRh films
deposited on MgO single substrates (characterized in the previous section), using a
non-transmission microscopy technique: photoemission electron microscopy.
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Chapter 4

Temperature-driven nucleation of
ferromagnetic domains

4.1 Introduction

While the first-order character of the transition in FeRh has been established
from hysteresis of macroscopic measurements, the nucleation and growth of both FM
(upon heating) and AF (upon cooling) domains and the coexistence of the two phases
expected of a first-order transition has never been directly observed. Two previous
studies were done on FeRh, both by magnetic force microscopy [18, 19] but they were
limited by lack of temperature control which prevented a study of the nucleation
and growth across the full transition. Moreover, these domain nucleation and growth
processes are crucial to the proposed use and are affected by the surfaces and interfaces
of the film. Here we report the temperature dependent imaging of FM domains in
epitaxial FeRh thin films across the AF-FM transition on both heating and cooling
by x-ray magnetic circular dichroism (XMCD) in photoemission electron microscopy
(PEEM). We show that understanding the different stages of the transition at the
microscopic level enables a consistent explanation of the macroscopic magnetization
behavior. The coexistence of laterally separated AF and FM phases is observed
and different stages of the phase transformation are studied: nucleation, growth and
domain coalescence.

4.2 Thin film growth and characterization

90 nm thick (001) FeRh thin films were grown by magnetron sputtering from an
FeRh alloy target onto (001) MgO substrates following the standard growth method
presented in Chapter 2: substrate temperature of 873 K, DC power of 40 W and argon
pressure of 2 mTorr. The growth rate measured by a quartz crystal microbalance was
0.04 nm/s. One of the films was capped with 2.5 nm of sputtered Al, the other
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Figure 4.1: Magnetization hysteresis loops of the uncapped FeRh thin film as a func-
tion of temperature.

was left uncapped. X-ray absorption spectroscopy showed no oxidation of Fe in the
capped thin film and very minimal oxidation in the uncapped thin film. We have also
verified by x-ray photoelectron spectroscopy that the Al is not fully oxidized, leading
to the conclusion that the interface of the capped film is metallic Al against FeRh.
The thickness of the oxide formed in the uncapped film was later estimated from hard
x-ray photoemission spectroscopy to be less than 2 nm.

The CsCl structure and epitaxy of the thin film was verified by x-ray diffraction.
θ − 2θ geometry scans showed (001) orientation out-of-plane and a φ scan on the
101 peak showed four-fold symmetry. The mosaic spread was measured to be 0.33
indicating good structural order. The in-plane and out-of-plane lattice parameters
were measured to be a = 0.2988 nm and c = 0.2986 nm respectively, showing a very
good agreement with the lattice parameter of bulk FeRh (0.299 nm) with negligible
tetragonal distortion.

The magnetic phase transition of both the capped and uncapped samples was
verified by SQUID magnetometry. Figure 4.1 shows the temperature dependence of
the magnetization of the uncapped sample in an applied field of 5 T. The capped
sample magnetization data was very similar, with the saturation magnetization being
10% higher. The middle of the transition occurs at 340 K in 5 T, with a small
hysteresis of 4 K between heating and cooling. The transition temperature of the
first-order phase transition between AF and FM shifts with field according to dT/dH
= - 8 K/T. By correcting for the temperature shift due to the field the transition is
expected to occur at 380 K in the absence of applied magnetic field.
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4.3 Microscopy results

PEEM imaging of both samples was performed at BESSY II beamline UE49-PGM-
a-SPEEM at the Fe L3 edge (705.6 eV), using low-energy secondary electrons with a
probing depth of ∼5 nm (larger than the thickness of the cap and the oxide layer) [65]
and a spatial resolution of ∼30 nm. The magnetic contrast that allows imaging of
FM domains is obtained by using XMCD at the Fe L3 edge [66]. PEEM images were
recorded with left-circularly-polarized (LCP) and right-circularly-polarized (RCP) x-
rays. In the following images the magnetic contrast is displayed as the difference of
two PEEM images taken with opposite helicities divided by their sum, to yield the
XMCD asymmetry. This XMCD asymmetry is finally proportional to the projection
of the Fe magnetic moment on the incident direction of the x-ray beam [67] and is
computed pixel-by-pixel. To improve the signal-to-noise ratio, each PEEM image is
constructed by averaging 120 single snapshots, with each acquired over an exposure
time of 3 seconds. A blue-white-red colorscale was chosen in XMCD-PEEM images
so as to show areas with zero asymmetry as white. The sample temperature was
ramped up continuously from room temperature to 415 K and back, so as to record
the complete transition upon heating and cooling. The temperature increased by
about 5 K during the recording time of each PEEM image; the average temperature
during the measurement is presented. Changes in magnetic contrast can generally be
attributed to 3 individual factors: the magnitude of the Fe moments, the direction
of the Fe moments, and the fraction of Fe atoms within the probing depth of ca. 5
nm that carry a FM moment. No external magnetic field was applied during the
measurement.

Figure 4.2 shows representative images of both films near RT (AF state) and
above 400 K (FM state) taken at the Fe L3 edge. While the high temperature image
in each film (Fig. 4.2 (b) and (d)) shows a similar complex pattern of micron size
FM domains with strong asymmetry ranging from -0.15 to 0.15 (the same order of
magnitude as asymmetry of pure Fe at the Fe L3 edge), a striking difference can be
observed between the two room-temperature images shown in Fig. 4.2 (a) and (c).
The uncapped sample shows no magnetic contrast, whereas the capped sample clearly
shows FM domains, albeit with reduced contrast compared to the fully FM images.
Since the oxide layer of the uncapped sample is thinner than the probing depth, the
vanishing magnetic contrast of the uncapped sample is attributed to FeRh in the
AF phase, while the domains of the capped sample reveal a stable FM phase at the
interface with the Al capping layer.

In fact, interfacial FM at RT has been previously observed by total electron yield
XMCD in FeRh thin films capped with MgO and Au by Ding et al. [20]. In a
subsequent study Fan et al. [21] used polarized neutron reflectometry to model the
magnetic depth profile of FeRh (in a magnetic field applied in the plane of the film)
capped with MgO at RT and confirmed the presence of interfacial FM near the top
interface, but with a highly reduced signal compared to that of a fully FM film at
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Figure 4.2: Effect of capping layer and temperature on FM domains in FeRh thin
film. XMCD-PEEM asymmetry images (difference between right and left polarization
images divided by their sum, in zero applied magnetic field) of FeRh thin films showing
FM domains in the AF and FM states (temperature of image shown in upper left
corner) for the film without capping layer (No cap (a) and (b)) and the film capped
with 2.5 nm of Al (Al cap (c) and (d)). FM domains with a positive (negative)
projection of the magnetization onto the x-ray beam direction are shown in different
intensities of blue (red). The asymmetry colorscale used for the 4 images is shown in
a.

400 K. The stabilization of the FM phase at the interface is assumed to result from a
combination of Fe deficiency and strain effects due to the cap. The thin native oxide
does not have a similar effect or it is so weak as to be undetectable. These effects will
be further investigated in Chapter 6.

Our observation is in good agreement with these prior results. We attribute the
reduced magnetic contrast in Fig. 4.2 (c) relative to (d) to a possible combination
of reduced atomic Fe moments and a thin FM layer compared to the probing depth
of ca. 5 nm. An alternative explanation for the reduced contrast is canting of the
moments out of the plane; however, this is unlikely as it would result in some regions
with increased magnetic contrast which we do not observe.

Since the presence of the Al cap generates FM domains near the interface even at
RT we turn to the uncapped sample to study the transition from the fully AF to the
fully FM state. The spatial resolution of the PEEM technique allows us to look at
the evolution of the FM domains as a function of temperature without an external
magnetic field, as shown in Fig. 4.3 ((a) (e) heating and (f) (j) cooling).

In an effort to relate the transition at the microscopic level to the macroscopic
behavior, we calculated the integrated absolute XMCD (|XMCD|) for a circular region
of interest at the center of the field of view, shown as an inset in Fig. 4.3 (k). Figure 4.3
(k) compares the evolution of |XMCD| as a function of the sample temperature to
the temperature evolution of the macroscopic magnetization. The magnetization was
recorded by SQUID magnetometry in an applied field of 5 T (Fig. 4.1) and was then
corrected by an 8K/T shift determined experimentally so as to extrapolate the M-
T transition to zero field. The magnetization recorded by magnetometry in 5 T is a
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Figure 4.3: Temperature evolution of FM domains in the uncapped FeRh thin film,
temperature hysteresis and FM domain configuration. (a) to (e) shows heating from
AF to FM and (f) to (j) shows cooling from FM to AF, in zero field. The asymmetry
(difference between right and left polarization images divided by their sum) colorscale
used for these images is from -0.15 to 0.15. Normalized M-T hysteresis measured at
5 T is shown in the upper panel of k; the temperature axis has been corrected to zero
field. Integrated absolute XMCD of a representative region of interest (ROI - shown
in inset) as a function of temperature is shown in the lower panel of (k). The sample
configuration with respect to the x-ray beam and direction of the projection of the
beam in the images is shown in (m). The distribution of asymmetry in (e) (415 K) is
shown as a histogram in (n). The two maxima are assigned to two pairs of equivalent
FeRh <100> in-plane directions as preferred orientation of FM domains (easy axis).
The four <100> directions are sketched in (p).
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close approximation to the fraction of FM phase. The |XMCD| measurement includes
domains and therefore is not as good a representation of the fraction of FM phase but
still shows a similar hysteretic behavior to the M-T curve. In particular the middle of
the transition agrees on both curves around 380 K. Since magnetization is the better
representation of the fraction of FM phase we relate each PEEM image to its position
on the M-T hysteresis curve using letter labels in Fig. 4.3 (k).

Figures 4.3 (a) (e) thus show the nucleation and growth of FM domains and
confirm the first-order character of this magnetic transition. At RT the uncapped
film has vanishing magnetic contrast (due to a fully AF surface). Upon heating,
we observe the appearance of small spots of magnetic contrast, attributed to the
nucleation of small FM islands in an AF background. The nucleation of FM islands
out of the AF matrix starts near 355 K (Fig. 4.3 (a)). Over a broad temperature range
(about 30 K) we observe the coexistence of FM and AF areas. FM islands continue
to nucleate in different areas of the sample, as seen at 364 K and 379 K (Fig. 4.3
(b), (c)). Above 380 K, where a change of slope is observed on the magnetization
curve (Fig. 4.3 (k)), the phase transformation switches into a domain-growth regime.
The number of domains stops increasing but their size starts to significantly increase.
This continues over a range of 30 K (from 380 K to 410 K). In the middle of the
growth regime, at 396 K, the domains can be observed to have more than doubled in
size (Fig. 4.3 (d)). At 415 K, the image shows a fully FM phase (Fig. 4.3 (e)) with
a complex pattern of domains similar to the results of magnetic force microscopy by
other groups [18, 19]. Two stages of the phase transformation were observed, one
dominated by domain nucleation at low temperature and one dominated by domain
growth at high temperature, as supported by classical nucleation theory, and further
confirming the first-order character of the transition.

The in-plane projection of the x-ray beam is along the [110] direction of the
FeRh film, as shown in Fig. 4.3 (m), where the beam direction is indicated in the
PEEM image taken at 415 K. As noted above, XMCD-PEEM is sensitive to the
component of magnetization parallel to the beam. Magnetization directions with the
same projection have the same contrast. The histogram of asymmetry distribution
shown in Fig. 4.3 (n) exhibits two maxima. Because of the in-plane cubic symmetry of
the FeRh film, magnetocrystalline anisotropy should result in four equivalent preferred
directions, at 90◦ angles from each other. The <100> directions are at 45◦ from the
beam direction and therefore their projections are equivalent two by two, as shown
on Fig. 4.3 (p). This is compatible with the two maxima of the histogram. If domains
were <110> type, there would be a maximum at zero asymmetry, and if the film had
no anisotropy there would be no peak in the histogram. Therefore the FM domain
structure consists of four types of in-plane domains along <100> easy axes separated
by 90◦ domain walls.

Upon cooling, the reverse transition from FM to AF is observed. At 395 K the
sample is still fully FM, in agreement with the M-T hysteresis. From 395 K to 377
K, the FM domains decrease in size (Fig. 4.3 (f) to (h)) but continue to occupy the



50

full field of view. From 377 K to 359 K, the fraction of AF phase (white regions)
increases, indicating the nucleation and growth of the AF phase. At 359 K (Fig. 4.3
(i)) the coexistence of the two magnetic phases is again clearly seen and the hysteretic
behavior of the transition is evidenced by the larger number of FM nuclei compared to
the PEEM image taken at 364 K upon heating (Fig. 4.3 (b)). Finally a small fraction
of the thin film is still FM at 349 K as seen on Fig. 4.3 (j) but is gone completely by
310 K (Fig. 4.2 (a)).

Comparison of the beginning of the AF to FM transition at 364 K upon heat-
ing (Fig. 4.3 (b)) to the end of the FM to AF transition at 349 K upon cooling
(Fig. 4.3 (j)) shows that the majority of the nucleation sites identified upon heating
are conserved upon cooling, evidence of heterogeneous nucleation as inferred from
macroscopic magnetization measurements by Maat et al. [7]. The transition at the
surface of the film seen in PEEM thus follows very closely the temperature hysteresis
of the entire film as measured by magnetometry upon heating and cooling.

4.4 Discussion

We now turn to the details of the nucleation of the FM phase upon heating. In the
early stage of this nucleation, we observe single domain FM nuclei with a diameter as
small as 100 nm. Four different representative single domain nuclei are indicated in
the inset in Fig. 4.4 (a). The nuclei were chosen to show the extent of the nucleation
phase over a wide temperature range.

In the XMCD-PEEM image taken at 372 K all four nuclei are present but they
actually nucleated at different temperatures as shown by plotting the absolute asym-
metry of the center of each nucleus (6 by 6 pixels, 60 nm wide) as a function of
temperature in Fig. 4.4 (a). The temperature spread is attributed to different hetero-
geneous nucleation sites. The activation energy ΔGb for heterogeneous nucleation at
a defect (e.g. grain boundary) can be written as ΔGb = fΔGH , with f a shape factor
dependent on the nature of the defect, and ΔGH the activation energy for homoge-
neous nucleation. Different types of defects, for example low-angle grain boundaries
with varying angles, result in a range of shape factors, therefore a range of activation
energies and ultimately a range of nucleation temperatures.

The four different nucleation sites indicated in Fig. 4.4 show that the nucleation
temperature range extends over 25 K, in good agreement with the observation of the
nucleation phase from 355 K to 380 K in Fig. 4.3. When the probing area is the size
of a single nucleus, the transition between the two distinct phases is observed to be
quite abrupt. The width of the local transition is less than 10 K, as indicated by
a rapid increase of asymmetry from 0 to 0.10 within 10 K or less. Note, however,
that the temperature was ramped continuously during the recording time of each
PEEM image; this temperature ramp results in a 5 K temperature increase during
the recording of each data point on Fig. 4.4 (a), which becomes convoluted into the
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Figure 4.4: (a) Temperature evolution of absolute asymmetry of 4 different local areas
(6 pixels by 6 pixels) showing the sharp local increase in magnetic contrast at the
single domain nucleus scale and the spread of the nucleation regime over about 25
K. The location of the nuclei is indicated in the inset (XMCD-PEEM asymmetry
image at 372 K). While islands initially nucleate as single domains, they then break
into several domains upon increasing size. (b) is an enlargement of the XMCD-PEEM
image from Fig. 3(b) taken at 364 K showing FM nuclei in AF matrix in an uncapped
FeRh thin film. Several nuclei with diameter of 200 nm or above are indicated by
dotted circles and show multidomain flux closure patterns as seen by red and blue
lobes.

local transition temperature spread. The local transition may therefore be as sharp
as 5 K. By contrast the overall width of the transition seen in Fig. 4.3 (k) results
from an average over the entire sample, thereby broadening the transition to the 25
K of the nucleation phase, as well as additional broadening of about 30 K from the
growth phase.

Figure 4.4 (b) is an enlargement of an area of the PEEM image taken at 364 K
(shown in Fig. 4.3 (b)). While initially the FM nuclei form single domains many of the
freshly nucleated FM islands later minimize their magnetostatic energy by formation
of flux closure patterns, seen as red and blue lobes in Fig. 4.4 (b). These flux closure
patterns can be four-domain patterns (¡100¿ type, as shown in Fig. 3(p)) or vortex
patterns with a continuously flowing magnetization and no domain walls if domain
wall creation is not energetically favored in these small nuclei. Both would appear
the same in these images.

The drastic change in domains between 379 K and 396 K upon heating (Fig. 4.3
(c), (d)) shows the transition from FM domain nucleation to domain growth. Fig-
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Figure 4.5: XMCD-PEEM asymmetry images showing the transition from nucleation
regime to growth regime in FeRh thin film between 379 K (same as Fig. 4.3 (c)) and
396 K (same as Fig. 4.3 (d)). The coalescence of FM domains is seen between (b)
384 K and (c) 391 K.

ure 4.5 shows this transition in more detail; the magnetic domain morphology changes
from numerous small domains to a smaller number of larger domains. By looking at
intermediate steps we see the phenomenon of coalescence. While at 379 K many FM
islands form flux closure patterns, between 384 K (Fig. 4.5 (b)) and 391 K (Fig. 4.5
(c)) the percolation limit is reached so that the exchange interaction energy favors
the formation of larger domains, i.e. small islands start to overlap and coalesce into
larger FM areas. The small second increase in the slope of the M-T curve (Fig. 4.3
(k)) around 388 K is attributed to the start of the coalescence between 384 K and
391 K.

Finally we turn to the evolution of local nucleation sites upon the FM to AF
cooling transition. The magnetic contrast of the same 4 nuclei presented in Fig. 4.4 is
studied upon cooling, over the temperature range 359 K to 341 K, taking into account
the temperature hysteresis of the transition of ∼13 K.

Figure 4.6 shows in the upper panels the images recorded upon heating, with the
4 nuclei labeled 1 to 4, and in the lower panels, the images recorded upon cooling,
with the corresponding heating and cooling temperatures shifted by the hysteresis
of 13 K. A strong correspondence in the FM domain pattern is seen between the
heating image at 372 K and the cooling image at 359 K. While the nucleation of the
FM nuclei is spread out from 359 K to 372 K upon heating, the disappearance of
the same FM regions upon cooling follows a different behavior. All 4 FM regions
reduce in size but persist until 349 K, followed then by complete disappearance of
the magnetic contrast between 349 K and 341 K. Note that no image was recorded at
an intermediate temperature between 349 and 341 K. Nevertheless, this shows that
there is an asymmetry in the evolution of the FM phase between heating and cooling,
even at the local level. This observation is in agreement with the asymmetry between
the heating and the cooling transition seen in the M-T measurement.

To further understand the difference between heating and cooling, we turn to
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Figure 4.6: Temperature evolution of 4 local regions (labeled 1 to 4) upon heating
from 355 K to 372 K (upper panels - same as Fig. 4.4 (a)) and upon cooling from 359
K to 341 K (lower panels). Images aligned vertically correspond to a temperature
hysteresis of ∼13 K. No image was recorded around 345 K upon cooling so the panel
is left intentionally blank.

the local evolution of the asymmetry. Figure. 4.7 shows the evolution of the absolute
asymmetry of the center of the selected 4 different nuclei as a function of temperature
during a full transition from AF to FM and back to AF. The sharp heating curves
from Fig. 4.4 (a) are reproduced and the cooling curves of each nucleus are overlaid so
as to allow comparison between the heating and the cooling transition. This analysis
offers a mixed picture of the transition. On one hand, the reverse order of nucleation is
observed upon cooling with nucleus 
4 disappearing first and nucleus 
1 disappearing
last, confirming a heterogeneous effect in the nucleation where non-random regions are
first to be FM upon heating and last to be AF upon cooling. On the other hand, while
the four regions have distinct well-defined transition temperatures upon heating with
a width of 5 to 10 K, the cooling transition is spread over a broader temperature range
of 16 to 27 K and regions 
2 to 
4 transition over practically the same temperature
range of 364 K to 341 K. The loss of magnetic contrast in the selected regions upon
cooling is due to the growth of the AF phase. Note that since the size of each local
region is fixed to 6 by 6 pixels (60 nm wide) and the asymmetry is averaged over this
area, the progressive decrease in asymmetry is due to the AF phase growing into the
region. The difference in behavior observed between heating and cooling is therefore
attributed to the difference between the heterogeneous nucleation of the FM phase
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Figure 4.7: Temperature evolution of absolute asymmetry of the 4 different local areas
labeled in Fig. 4.4 and Fig. 4.6 showing the difference in magnetic contrast evolution
between heating and cooling.

and the growth of the AF phase.

4.5 Conclusion

In summary, FM domains were imaged near the surface of high-quality FeRh thin
films. The sample capped with Al showed interfacial (FeRh/Al interface) FM domains
which are stable at room temperature, while the bulk of the film is AF. An identical
film with no cap has no observable surface FM domains at room temperature and is
shown to follow the expected transition as measured by magnetometry. Nucleation,
growth and coalescence stages were identified in the phase transformation mechanism
from AF to FM. The coexistence of FM and AF phases inherent to a first-order phase
transition was observed in the early stages of the transition and small FM nuclei were
seen to form flux closure patterns. A locally sharp nucleation of the FM phase upon
heating was observed, in contrast to a broad growth of the AF phase upon cooling,
confirming the asymmetry between the heating and cooling transition. This study of
the transition at the microscopic level has thus led to a better understanding of the
true dynamics and the breadth of the macroscopically observed transition.
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Chapter 5

Temperature-driven evolution of
the antiferromagnetic phase

5.1 Introduction

In Chapter 4 we showed that the evolution of the FM phase followed the expected
transition as measured by magnetometry but that the different stages of nucleation,
growth and coalescence could be identified as well as other local details of the transi-
tion using the microscopic probe. While XMCD at the Fe L3 edge was used to image
FM domains, a vanishing magnetic contrast was attributed to the AF phase of FeRh.
XMCD is sensitive to the average magnetization < M > and is therefore not sensitive
to AF order which has no net magnetization. For this reason, details of the AF phase
domain structure could not be obtained in this previous study.

Originally thought as lacking technological interest due to the non-existence of
a net moment, AF materials have in fact turned out to be extremely important for
memory technology. In particular, there has been significant interest in AF thin films
due to the exchange bias phenomenon [68] and several studies have been successful
at studying the microscopic structure of AF thin films in exchange-biased systems,
in particular AF domains, using x-ray magnetic linear dichroism (XMLD). In its pro-
posed use for heat-assisted magnetic recording (HAMR), FeRh is AF at the magnetic
storage temperature ; therefore, information about the structure of the AF phase is
useful for its technological application. Analogous to FM domains, AF domains are
defined as regions in a crystal in which the pattern of magnetic moments is periodic in
all three directions of space. Although the domains have no net magnetization, each
antiparallel sublattice carries a magnetization M and XMLD is sensitive to < M2 >
and can probe identically ferromagnets and antiferromagnets.

The AF structure of FeRh has been studied by neutron diffraction and is known
as G-type [43, 69, 70]: the Fe site moments have FM coupling in (111) planes and
AF coupling between the planes. The crystallographic direction of the moments
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themselves has not been reported. In the classic antiferromagnet NiO, which has a
G-type AF structure like FeRh, the domain walls that separate different AF domains
can be due to either a change in crystallographic orientation of the FM planes (T
domains for twinning) or a rotation of the direction of the moments within the FM
planes (S domains for spin-rotation) [71]. The twin walls are obviously directly related
to crystallographic defects but it was seen that the second type of walls are also
stabilized by imperfections in the crystal. Therefore AF domains in epitaxial FeRh
thin films are likely to correlate to the defects present in the thin film such as anti-
phase boundaries, dislocations and low-angle grain boundaries.

Most of the XMLD spectroscopy and microscopy studies of AF have been limited
to oxide compounds such as NiO, Fe2O3 and LaFeO3 [72, 73, 74]. The typical chal-
lenge with using XMLD is that it probes the anisotropy of the electronic structure
that is induced by axial spin alignment from the magnetic order (FM or AF). This
usually results in changes in the fine structure of the x-ray spectrum which require
a good energy resolution to be distinguished. Moreover, while for oxides the XMLD
can be as large as 40 % of the absorption signal, the reduced crystal-field splitting of
electronic states in metals is thought to reduce this effect for metallic systems [75].
Nevertheless, several studies have reported successful experimental XMLD on mag-
netic transition metals (Fe, Co and Ni) in their metallic state, as a way to probe the
magnetocrystalline anisotropy, with maximum relative difference in absorption be-
tween the two linear polarizations ranging from 6 to 11 % for Fe [76, 77, 78]. Several
studies have also reported on the XMLD microscopy of metallic FM domains [79, 80]
but few studies have attempted at direct imaging of AF domains in a metallic sam-
ple. One reason is that metallic simple AF are not common: the well-known AF (Cr,
FeMn) have spin-wave or non-collinear structures which do not generate any XMLD
signal, since the projection of the AF sublattice onto the x-ray direction is zero.

Equiatomic FeRh is a simple AF but it poses an additional challenge in that it
undergoes a first-order AF to FM transition near 350 K and the two phases coexist
over a temperature range of 20 to 30 K across the transition. The spatial resolution
of both AF and FM domains ideally would be addressed by the use of two effects
exclusively sensitive to each magnetic order. XMCD has been successfully used to re-
solve FM domains in FeRh, without any sensitivity to the AF phase but as mentioned
earlier, XMLD is sensitive to both AF and FM order.

In this work, we use both XMCD and XMLD in photoemission electron microscopy
(PEEM) combined with image processing techniques to study the characteristics of
the AF phase and its evolution with temperature upon cooling across the FM to
AF transition in an epitaxial FeRh thin film. The goal of this work is double: to
determine the domain structure of the stable AF phase and to study its evolution
through the transition in comparison to the evolution of the FM phase, so as to obtain
a complete picture of the nucleation and growth mechanisms involved in both sides
of this unusual transition.
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Figure 5.1: Magnetic characterization of the FeRh thin film. The magnetization as
a function of temperature was measured in 3 T (bottom axis). The vertical dashed
lines show the temperature at which the PEEM images were recorded upon cooling
in no external field (top axis): 394 K (fully FM), 375 K, 370 K, 365 K (mixed FM
and AF) and 360 K (fully AF).

5.2 Experimental techniques

100 nm thick (001) FeRh thin film was grown by magnetron sputtering from an
FeRh alloy target onto (001) MgO substrates, following the standard growth method
presented in Chapter 2. Details of the sample synthesis can also be found in Ref. [24].
The film was left uncapped since several capping materials have shown to modify
the magnetic properties near the top interface, which will be the focus of Chapter 6.
To limit the formation of the native oxide layer seen in Chapter 4, the sample was
fabricated in our laboratory and then introduced in the PEEM microscope chamber
on the same day. X-ray absorption spectroscopy (XAS) was recorded in the PEEM
microscope chamber at room temperature before imaging and showed no significant
oxidation of Fe.

The magnetic phase transition was verified by SQUID magnetometry. Figure 5.1
shows the temperature dependence of the magnetization of the uncapped sample in
an applied field of 3 T (a large field is used to shift the transition below 400 K, the
maximum temperature of the SQUID magnetometer). The middle of the transition
upon cooling occurs at 349.5 K in 3 T, with a width of 25 K between the beginning
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and the end of the transition (bottom axis). By correcting for the temperature shift
due to the field (dT/dH = - 8 K/T) the transition from FM to AF is expected to
occur between 388 K and 363 K in the absence of applied magnetic field (top axis).
Therefore we limit our imaging as a function of temperature between 394 K (no AF
phase) and 360 K (fully AF according to magnetometry), with additional imaging in
the fully AF phase at 300 K for confirmation.

PEEM imaging was performed at ALS PEEM Beamline 11.0.1 at the Fe edge,
using low-energy secondary electrons with a spatial resolution of 30 nm. Magnetic
contrast is obtained by using either left and right circularly or parallel p and perpen-
dicular s linearly polarized x-rays in XMCD and XMLD respectively. XMCD images
were recorded at 707.8 eV. The XMCD energy was determined from the position of
the Fe L3 peak in the Fe XAS spectrum (differences with theoretical Fe L3 of 706.8
eV are in part due to beamline calibration offset). XMLD images were recorded at
two different energies. These energies were selected by recording PEEM images at 10
different energies around the Fe L3 peak to determine the maximum XMLD signal.
The signal was optimized when comparing two energies respectively 0.1 and 1 eV
below the L3 peak.

Figure 5.2 shows spectra recorded on FeRh at room temperature (AF phase) with
parallel p and perpendicular s linear polarizations. Two different features in the XLD
s − p signal are seen: a positive maximum at the L3 peak and a negative minimum
about 1 eV below, with a maximum s− p signal as high as 9 % relative to the XAS
intensity, very similar to the XMLD spectra reported for FM Fe [76, 77, 78, 81].
The data was treated following the standard x-ray dichroism method: direct beam
intensity was subtracted and the jump in XAS before and after the Fe L3 edge was
normalized to 1. Smoothing was applied to remove instrumental noise.

Two distinct features can be observed in XLD shown in Fig. 5.2. The main
feature (dipolar shape near 710 eV) is seen on three samples grown on different sub-
strates (MgO, c-plane sapphire and ion-beam-assist-deposited (IBAD) MgO). Since
these samples were prepared on different substrates, their crystallographic orienta-
tion differ: films grown on MgO and IBAD MgO have [001] out-of-plane orientation
while deposition on c-plane sapphire induces [111] orientation. In addition, MgO and
IBAD MgO have been shown to induce different strain state in FeRh, with a signifi-
cant tetragonal distortion in the films grown on IBAD MgO and a mostly cubic film
on MgO. Specifically, x-ray diffractometry shows that films deposited on MgO are
unstrained within the 0.3 % accuracy of the measurement. The same dipolar shape
of the dichroic signal at room temperature in all three films is a strong indication that
at least part of the signal is independent from structural distortion of the AF phase
and therefore is magnetic in origin. A secondary peak (also near 710 eV) is observed
with a different intensity for the different samples. This secondary feature could be
structural in origin.

Another possible cause of a room temperature linear dichroism is a parasitic mo-
ment, e.g. AF moments which are not completely collinear and result in some net
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Figure 5.2: XLD spectrum recorded at room temperature (AF phase) in total electron
yield mode on an FeRh film capped with MgO deposited on (a) MgO substrate, (b) c-
plane sapphire substrate, and (c) IBAD MgO. The upper panels show the two spectra
recorded with s and p polarizations and the lower panels show the difference s − p
and the presence of a maximum and a minimum near the Fe L3 edge.

uncompensated moment. No interface canting effects are known in FeRh and such
effects seem unlikely based on the low anisotropy of this system in both AF and FM
phases in the absence of tetragonal distortion, which is the case of the film deposited
on MgO [37].

Four different image configurations were recorded: two different energies (E1=706.7
eV, E2=707.7 eV) and two different polarizations (parallel p and perpendicular s).
Note that 0.1 eV is at the limit of the energy resolution of the beamline, therefore a
small energy drift can easily affect the quality of the XMLD images. In particular,
there is some energy dispersion in the vertical direction of the x-ray beam which means
that the XMLD magnetic contrast is optimized only over a horizontal portion of the
image, since the features are very close in energy. The angle between the incident
x-ray beam and the sample is fixed at 30 degrees and in this sample/beam geometry,
the p polarization corresponds to the vertical direction which is parallel to the plane
of the film and the s polarization to the horizontal direction, with a projection closer
to the perpendicular of the film.

We found that dividing the signal obtained for the different polarizations and
then for the different energies improved the XMLD contrast (close to the limit of the



60

instrument of 0.2 %) and we used this operation to generate XMLD images:

IXMLD =
p(E1)/s(E1)

p(E2)/s(E2)
(5.1)

Note that this division is a good approximation for actual asymmetry operation. The
asymmetry A is defined as

A =
I1 − I2
I1 + I2

(5.2)

By subtracting two images taken with different polarizations, any non-XMLD con-
trast which is chemical or topographic in origin does not depend on polarization and
therefore is eliminated. Using the notation I2 = I and I1 = ΔI, since the difference
in intensity ΔI is small compared to the intensity I itself, we can deduce:

A =
ΔI

2I +ΔI
≈ ΔI

2I
(5.3)

and compare it to the division:

I +ΔI

I
= 1 +

ΔI

I
≈ 1 + 2A (5.4)

and confirm that the division of two images is a close approximation of the asymmetry
(save with constant coefficient and offset). To improve the signal-to-noise ratio of the
images, a large number of snapshots was recorded and then averaged, typically 100
to 200 snapshots for XMLD images and 10 to 20 snapshots for XMCD images. The
XMCD contrast is quite strong and does not require the same statistics to produce
good quality images.

The temperature of the sample was controlled by a custom stage with a tungsten
filament for heating power, a cryogenic cold source for controlled cooling power, and
a silicon diode thermometer for temperature reading. The temperature of the sample
was stabilized for each measurement and kept constant for the duration of recording
of the several snapshots required for each image (time ranging from a few minutes to
about an hour).

XMCD and XMLD PEEM images are analyzed using autocorrelation. The auto-
correlation of a function is the cross-correlation between itself as defined by

Φf,f(x, y) = f(x, y) ∗ f(x, y) =
∫ ∫

f(ξ − x, η − y)f(x, y)dξdη (5.5)

and is easily numerically computed using the following theorem:

Φf,f (x, y) = F−1[F (u, v)F ∗(u, v)] (5.6)

with F (u, v) the Fourier transform of f(x, y) calculated in MATLAB by Fast Fourier
Transform (FFT). The origin of the autocorrelation image Φf,f (0, 0), located at the
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center of the image, is a global maximum of the autocorrelation function. For the
images analyzed here, the amplitude of the autocorrelation function then decreases
sharply with increasing x and y. The autocorrelation images are found to be mostly
radially symmetric (the only exception is the XMCD image of the fully FM phase),
indicating that the average size of the features is isotropic with x and y, therefore a
radial average of the autocorrelation is calculated and plotted as a function of radial
pixel. The radial profile is fitted with a Gaussian a exp(−(x/b)2) distribution or a
combination of Gaussian distributions. The number of Gaussians used depends on
the nature of the autocorrelation and will be discussed in more details in Section 5.4.
The correlation length of the image is defined as twice the Gaussian fit parameter
b. This standard autocorrelation method is used for example to analyze chemical
heterogeneity in scanning transmission microscope images, grain size distributions in
geology and fluorophore distributions in biology [82, 83, 84]. Note that the correlation
length referred to in this work is the characteristic length of the image and is not the
spin-correlation length related to the magnetic order.

A similar method can also be applied to determine if two different images (e.g.
XMCD and XMLD images at the same temperature or XMLD images at different
temperatures) are correlated. The cross-correlation Φf,g is computed instead and the
same treatment is applied. If there is long-range correlation between f and g, the
origin Φf,g(0, 0) is a maximum and the cross-correlation decays exponentially from
there. A maximum located at any other position in the image indicates no long-range
correlation between the two images.

To extract a correlation length that is representative of the actual lengthscale of
the image features, one needs to account for different contributions to the autocor-
relation function. One contribution is from the point spread function of the charge-
coupled device detector which results in a short range contribution with a sharp peak
at Φf,f (0, 0). An additional contribution from the image background can result in a
long-range contribution (e.g. non-flat image background) with a broad peak. Note
that all the images are processed by applying 3 passes of an order 3 polynomial flat-
tening in the beamline image analysis software PEEMVision7.0. This operation does
not correct well for intensity gradients along the diagonal of the image, therefore
an additional flattening operation is performed in MATLAB. The background of the
image is determined by plotting the image as a surface and fitting a 2-dimensional
linear plane to this surface, and is then subtracted. While the contributions from the
detector and the background can be negligible when the signal to noise ratio is large,
they become apparent in low signal to noise ratio images, such as here in XMLD
images.

The uneven background is due to the non-constant profile of the x-ray beam.
The illumination profile changes with the polarization of the beam and gives rise to
regions of increased or decreased intensity in the computed XMCD or XMLD images,
in particular in the corners. This is a known artefact of the measurement technique
and is not a magnetic effect.
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Figure 5.3: (a) Topographic PEEM image of FeRh thin-film surface recorded at Fe
L3 edge showing relatively smooth and uniform surface with small defects due to film
roughness and (b) XMLD image of the same location recorded at room temperature.

The robustness and consistency of the autocorrelation is tested by computing the
autocorrelation with different window sizes (ranging from 512 by 512 to 900 by 900
pixels) and error bars in correlation length are extracted from the standard deviation
of the fits produced with different window size. Note that the full field of view size is
1024 by 1024 pixels.

5.3 Microscopy results

Figure 5.3 (b) shows that small features with a weak but noticeable XMLD con-
trast are observed at room temperature. We consider the possibility of the weak
XMLD contrast coming from residual topographic features that did not get properly
removed in the image computation (due to increased error in correction of the spa-
tial drift with large acquisition times). Visual comparison to the topography of the
sample in Fig. 5.3 (a) shows no clear similarity between the two, indicating that the
spatial features resolved in the XMLD image are not topographic in origin and the
image computation correctly removes non-XMLD features. Calculation of the cross-
correlation image of the topography and XMLD image confirms that no long-range
correlation is found between the two. Therefore, these XMLD contrast features are
most likely AF in origin, and we now turn to their evolution with temperature across
the transition, which will help us validate this assumption.

Figure 5.4 shows the XMCD (a) and XMLD (b) images recorded in the FM phase
at 394 K. An XMLD pattern with strong contrast is clearly visible, due entirely to the
FM phase (as previously discussed, XMLD includes contributions from both AF and
FM phases). This is confirmed by comparing the XMLD image to the XMCD image
and establishing spatial correlation between the two: constant intensity contours are
overlaid on each dichroic image (Fig. 5.4(a) and (b)) and the two contour patterns are
then compared to each other in Fig. 5.4(c). An excellent match is observed between
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Figure 5.4: Comparison of domain pattern in XMCD-PEEM image to XMLD-PEEM
features in the fully FM phase at 394 K. Contours of constant intensity are drawn to
make (a) the FM domains apparent in the XMCD image and (b) the corresponding
XMLD pattern in the XMLD image recorded at the same temperature. (c) Overlay of
the two contour images showing the good spatial correlation between the two signals.

the two patterns. This clearly shows that a spatially resolved XMLD signal is detected
from the FeRh FM phase. We further confirmed that the high temperature XMLD
contrast is magnetic in origin by heating a similar sample above its Curie temperature
TC = 573 K [6]. Both XMCD and XMLD contrasts disappear above TC which
supports that both contrasts are due to the FM phase. Note that this temperature
treatment of the sample resulted in a permanent FM surface (no magnetic transition
upon cooling), likely due to chemical modification of the surface by diffusion, as will
be discussed in Chapter 6. This effect means that the sample once heated this hot
is no longer useful for the experiments described here, but nonetheless proves that
the XMLD signal at 394 K was due to the FM phase. The FM origin of the XMLD
contrast in the FM phase is also strong evidence of the magnetic origin of the XMLD
contrast in the AF phase as well. Since the magnitude of the Fe moments in the FM
and AF phases are similar with 3.2 and 3.1 μB respectively [37] and the mechanism
for XMLD contrast is independent of the AF or FM order, our measurement should
be capable of detecting magnetic contrast from the AF phase.

We now turn to the evolution of the XMCD and XMLD patterns with tempera-
ture. Figure 5.5 shows a summary of the XMCD images recorded at different tem-
perature across the cooling transition from FM to AF, starting at 394 K in the fully
FM phase and cooling to 360 K at an almost completed transition with only few
residual FM nuclei left (Fig. 5.5(a) to (e)), and the XMLD images recorded at the
same temperatures (Fig. 5.5(f) to (j)). With the XMCD images, we observe the pro-
gressive disappearance of the FM phase upon cooling: first a reduction in the size
of the domains, then in the number of the FM domains, in full agreement with our
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Figure 5.5: Comparison of (a)-(e) XMCD and (f)-(j) XMLD PEEM images recorded
upon cooling of FeRh thin film from 395 K (fully FM) to 360 K (mostly AF). Several
intermediate mixed phase state are shown at 375 K, 370 K and 365 K. Each XMLD-
PEEM image is obtained by averaging 60 snapshots taken at two different energies
(E1 =710.8 eV, E2 =711.8 eV) and two different polarizations (parallel p and perpen-
dicular s) (240 snapshots total) and computing (p(E1)/s(E1))/(p(E2)/s(E2)) so as to
maximize the XMLD contrast. Each XMCD-PEEM images is obtained by averaging
6 snapshots taken at the Fe L3 edge for opposite circular polarization (12 snapshots
total) and dividing them (approximation of asymmetry).

previous observation reported in Chapter 4 and ref. [24]. The XMLD images taken
at 394 K show the FM domain structure, as previously discussed; those taken at 375
K and below show a structure finer than the FM structure with no change striking
to the eye from 370 to 360 K.

5.4 Discussion

To study in more detail the evolution of FM and AF domains across the FM
to AF transition upon cooling, we use the correlation length analysis described in
Section 5.2. Figure 5.6 shows the average radial profile of the autocorrelation of the
XMCD images at all 5 temperatures. The x axis has been converted from pixel to
nm based on the magnification of the microscope used. All images were recorded
with a field of view of 10 μm onto a CCD of 1024×1024 pixels. The steepness of the
autocorrelation profile increases with decreasing temperature, indicating a decrease in
the correlation length. The first 3 temperature steps (394 K to 370 K) show a single
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Figure 5.6: Normalized autocorrelation profile (radially averaged) for XMCD images
at 394 K, 375 K, 370 K, 365 K and 360 K. Note that the magnitude of the autocor-
relation signal decreases as the temperature decreases (due to decrease in number of
pixels that carry a FM signal), but we choose to show here the normalized signal to
emphasize the change in correlation length.

smooth decaying curve while the 365 K and 360 K curves become sharper and have
a kink, especially visible at 360 K. The appearance of the kink is due to the increase
in relative magnitude of contribution from the detector resulting in a sharp Gaussian
with small correlation length near the origin. Above 370 K, the number of pixels that
carry a FM signal is large compared to the non-magnetic background. Below 365 K,
FM pixels are a minority compared to the background, and the contribution from the
detector is dominant in the autocorrelation.

We compute the correlation length for XMCD images taken above 370 K from
a single Gaussian fit to the radial average of the autocorrelation and find that it
ranges from 554±15 nm at 394 K to 323±10 nm at 370 K. Figure 5.7 shows that
the correlation length is a good quantitative measure of the average FM domain size.
Circles of diameter equal to the correlation length are overlaid on the XMCD images
taken at 394 K (Fig. 5.7 (a)) and 370 K (Fig. 5.7 (b)) and show a good agreement
with the size of the domains observed at each temperature. The FM domains at 370
K are smaller in size because the FM phase coexists with the AF phase, so only finite
regions of the film are FM as opposed to the entire field of view at 394 K.
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Figure 5.7: Comparison of the correlation length as calculated by the autocorrelation
method to the observed FM domain size at (a) 394 K with circles of diameter 554
nm and (b) 370 K with circles of diameter 323 nm.

While a single Gaussian fit works well for XMCD images ranging from 394 K
to 370 K, the strong contribution from the detector point spread function in the
autocorrelation profiles at 365 and 360 K is seen in Fig. 5.6. At 365 K and below, the
autocorrelation profiles are fit to two Gaussians, as shown in Fig. 5.8. The Gaussian
with the smaller decay length corresponds to the point spread function of the detector
being 48±2 nm. A single pixel is equivalent to 9.8 nm. Therefore the detector is
found to induce a spread of ∼5 pixels. Next we look at the relative magnitude of
the detector Gaussian compared to the second Gaussian. Both Gaussians are plotted
in Fig. 5.8 (a) and (b). While at 365 K, the detector Gaussian is lower than the
second Gaussian, the opposite is seen at 360 K. Note that the amplitude of the
normalized autocorrelation at the kink is a good estimate of the magnitude of the
second Gaussian. This means that at 360 K, the amplitude of the physical signal
is lost in the instrument broadening and noise and the correlation length analysis is
not meaningful. This is consistent with the fact that the number of pixels with FM
contrast is not large enough for a statistically meaningful autocorrelation analysis.
The low amplitude broad residual contribution to the autocorrelation is attributed
to error from an imperfect background subtraction. 365 K is at the limit, with the
detector Gaussian height at 0.3 and the signal Gaussian height at 0.65, just a factor
of 2 larger. From the second broader Gaussian, we extract a length of 233±8 nm.

We now compute the normalized autocorrelation radial profiles of the XMLD
images from Fig. 5.5. In Fig. 5.9 we notice that the autocorrelation radial functions
of the XMLD images from 375 K to 360 K are very similar in shape to the XMCD at
365 and 360 K, with a sharp peak near the origin and a second broader peak overlaid.
This could indicate that the autocorrelation analysis will also reach its limit on the
XMLD images.

By applying the same two-Gaussian fit as for the 365 K XMCD image autocor-
relation to the 394 K XMLD image, we find a detector spread of 53 nm (consistent
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Figure 5.8: Double Gaussian fits of autocorrelation radial profiles at (a) 365 K and
(b) 360 K. Each separate Gaussian is shown as well as the total fit of the sum of both
Gaussians. The relative magnitude of the two Gaussians with each other is evidenced.

Figure 5.9: Normalized autocorrelation profile (radially averaged) for XMLD images
at 394 K, 375 K, 370 K, 365 K and 360 K.
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with 48±2 nm) and a correlation length of 457±10 nm. This is ∼100 nm lower than
the correlation length of the XMCD image at the same temperature. We attribute
the discrepancy to the lower magnitude of the XMLD signal compared to the XMCD
signal. Indeed while the XMCD autocorrelation is dominated by the magnetic signal,
almost half of the XMLD autocorrelation amplitude is due to the detector spread.
This difference in signal quality is further confirmed by comparing the contrast to
noise ratio (CNR) of the XMCD and XMLD images of the same FM domain pattern
recorded at 394 K. CNR is similar to the signal to noise ratio but is defined as the
difference in signal intensities for signal producing structures A and B in the region
of interest, divided by the standard deviation of the pure image noise:

C =
|SA − SB|

σ
(5.7)

The two structures A and B are two different FM domains, the signal S is the mean
pixel intensity of the XMCD or XMLD image over the specific domain and σ is
estimated by the standard deviation of S across a single domain. Calculation for a
representative pair of domains with opposite contrast gives a CNR of 22.8 for the
XMCD image and 8.4 for the XMLD image. The reduction in CNR by a factor of
almost 3 indicates that, similar to the case of the 365 K XMCD image, we are at the
limit of the autocorrelation and correlation length analysis.

The change in correlation length with temperature as calculated for each XMCD
image and each XMLD image is shown in Fig. 5.10. The XMCD correlation length,
a good measure of the average FM domain size, decreases gradually upon cooling,
following the decrease in size of FM regions. The XMLD correlation length starts
near the XMCD at 394 K in the FM phase, consistent with the fact that both XMCD
and XMLD images resolve the FM structure in the fully FM phase. It then follows
a sharp decrease to 279 nm at 375 K, outside the typical error bars of 10 nm, before
increasing slightly above 300 nm and remaining mostly constant upon subsequent
cooling. Note that 300 nm is much larger than the spatial resolution limit of the
microscope since FM nuclei as small as 60 nm are resolved in XMCD images.

The almost absence of change in the evolution of the XMLD images morphology
and their correlation length upon cooling below 370 K can be due to two possible
reasons: (1) the AF domain size is below the spatial resolution limit of the microscope
(30 to 60 nm), (2) the AF domains experience little or no growth below 370 K. An
AF phase transformation limited by nucleation is consistent with the knowledge that
AF domains are typically associated with crystallographic defects, therefore their size
is limited by the size of defect-free regions in the FeRh thin film. Both explanations
therefore point to a small AF domain size (300 nm or less) limited by defects. The
average crystallite size determined by Scherrer’s formula on a 001 peak for FeRh thin
films of similar quality to this one is 33 nm. The 300 nm correlation length is an
order of magnitude higher and could correspond to the size of groups of several AF
domains, instead of single domains, or the AF domains could cover an average of
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Figure 5.10: Evolution of the correlation length of XMCD and XMLD images with
temperature. The correlation length is equal to twice the Gaussian fit parameter (of
the broader Gaussian when two Gaussians are used). A single Gaussian fit was used
for XMCD autocorrelations at 394 K, 375 K and 370 K and a double Gaussian fit
was used for XMCD autocorrelation at 365 K, and for all XMLD autocorrelations.

10 grains. The features actually appear smaller to the eye in the images but due to
the high noise level, their size is difficult to measure. The larger correlation length
could also be due to a domain morphology that is not granular (e.g. meandering
domains) [85].

We acknowledge that the correlation length analysis might be at the limit of
its validity for the XMLD images. To show that the AF features are nevertheless
spatially resolved in the XMLD images, we turn to a cross-correlation analysis of
XMLD images at different temperatures, as a way to evidence a progressive evolution
of features in the images. Two cross-correlation images are shown in Fig. 5.11 with
the autocorrelation of the 365 K image for comparison. Cross-correlations between
XMLD image at a given temperature step and the temperature step immediately
preceding and following have a global maximum at the origin. This means that the
two successive images are spatially correlated and that many of the features are the
same between the two images. A cross-correlation analysis of the XMLD images at
394 K and 360 K shows that they are not correlated confirming that the FM and AF
phase morphologies are different (not shown).



70

Figure 5.11: Autocorrelation of 365 K XMLD image (recorded upon a second cooling
cycle) and cross-correlation with 370 K and 360 K images. Care was taken to compute
the cross-correlation of the exact same region of the sample.

To further look at the nucleation of AF domains, we repeated the imaging of AF
and FM phase in the same region of the sample upon a second cooling cycle. In the
case of heterogeneous nucleation, nucleation starts preferentially at defect sites. Al-
though we do not spatially resolve the defects here, by comparing the nucleation sites
between two different cooling cycles, we can determine to what extent they affect the
transition. After a full transition upon cooling was recorded from 394 K to 360 K as
shown in Fig. 5.5, the sample was heated back to 394 K and the same temperature
steps were recorded during the second cooling. Figure 5.12 shows the identical region
of the sample in the fully FM phase (XMCD images (a) and (b)) before the first and
second cooling, and in the mostly AF phase (XMLD images (d) and (e)) after the
first and second cooling. The cross-correlation of the two XMCD images, shown in
Fig. 5.12 (c), allows us to determine how similar the first and second FM domain
patterns are, which is otherwise difficult to evaluate visually. The absence of global
maximum at the center of the image indicates that no long-range correlation exists
between the first and second FM patterns. In contrast, the same cross-correlation
evaluation of the two XMLD images, shown in Fig. 5.12 (f), finds a global maximum
at the center which means that the two images are strongly spatially correlated. Note
that in Chapter 4 we showed that the nucleation of FM domains upon heating is het-
erogeneous, with a spread in nucleation temperature and a correspondence between
the initial nucleation sites upon heating and the last remaining FM regions upon cool-
ing. This heterogeneous nucleation nevertheless leads to a final FM domain structure
that is not as sensitive to defects and is not reproducible between repeated heating
cycles.

The observation of spatial correlation between the AF structures obtained in two
separate cooling cycles is consistent with our interpretation that the AF domains are
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Figure 5.12: Side by side comparison of XMCD and XMLD images recorded at the
same temperature during 2 successive cooling cycles. XMCD images at 394 K in the
fully FM phase before (a) the first cooling cycle, (b) the second cooling cycle, and their
cross-correlation image (c). XMLD images at 360 K (mostly AF phase) at the end
of (d) the first cooling cycle, (e) the second cooling cycle, and their cross-correlation
image (f).
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influenced by crystallographic defects. Even though the initial FM matrix is differ-
ent between the two cooling steps, the final AF structure obtained is similar. This
structure is not random. We suggest that the AF domains are pinned by the FeRh
thin film surface defects which are stable through this temperature range, including
the transition.

5.5 Summary

In summary, we showed that XMLD-PEEM can be used to spatially resolve the
AF phase in FeRh thin film. As expected, the FM phase was detected by XMLD-
PEEM as well. We established the magnetic origin of the XMLD features in the
FM phase, and by comparison of FeRh XLD spectra with known XMLD spectra,
extended the magnetic origin to the AF phase as well. Autocorrelation analysis was
used to determine the characteristic length of the magnetic features in the XMCD and
XMLD images. While in the XMCD images the correlation length proved to be a good
measure of the average FM domain size, the accuracy of this analysis was limited for
the XMLD images. A correlation length of ∼300 nm was computed for the AF phase.
This value could correspond to the size of groups of several AF domains, instead of
single domains, and point to an AF domain size limited by defects. By studying
the cross-correlation of successive XMLD images, we evidenced small local changes
in the AF morphology upon cooling, further confirming the spatial resolution of the
AF phase. Finally, we found that a non-random similar AF structure is reproduced
by repeating the cooling transition, confirming that the AF domains are correlated
to defects. We hope that this work will be useful for continued microscopic studies
of the FeRh AF phase as well as other metallic AFs.
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Chapter 6

Effect of capping material on
interfacial ferromagnetism

6.1 Introduction

In most of the thin-film studies, both fundamental and applied, FeRh is capped
with a thin film layer to protect against oxidation, commonly a noble metal (Au, Pt)
or a light self-passivating metal such as Al. This is especially important for magnetic
and structural studies based on surface-sensitive probes. However a series of recent
studies have showed that substrate and capping materials can induce interfacial effects
where the magnetic properties of the FeRh film are modified near the interface with
the capping layer as well as the substrate [20, 21, 22, 24]. Specifically, a thin FM layer
can be stabilized at temperatures where the stable phase in the bulk is AF, referred
to in this work as interfacial FM. These interfacial effects are directly relevant to the
successful integration of FeRh in HAMR technology.

Interfacial FM at RT has been previously observed by total electron yield XMCD
in FeRh thin films capped with MgO and Au by Ding et al. [20] and by magnetic
depth profile modeling of polarized neutron reflectometry results in FeRh capped
with MgO by Fan et al. [21]. Both studies confirmed the presence of interfacial FM
near the top interface, but with a highly reduced signal compared to that of a fully
FM film at 400 K. The interfacial FM was attributed to a combination of the effect
of strain and Fe deficiency causing a mixed state of FeRh CsCl α (FM) and fcc γ
(PM) phases with reduced moment and lowered AF-FM transition temperature T0

compared to the single FeRh α phase. For the film capped with MgO, an extremely
weak interfacial moment of 0.02 μB/atom (compared to 1.56 μB/atom for FM film
at 400 K) is estimated.

Our group recently reported on interfacial FM observed at RT with XMCD-PEEM
on FeRh films capped with Al; these films are nominally AF at room temperature
(RT) according to magnetometry characterization [24]. The interface with the FeRh
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native oxide of an uncapped film was found to be non-magnetic.
Finally, Loving et al. [22] used diffusion from an Au capping layer to tune T0

of FeRh thin films, showing that a structure with a magnetization gradient as a
function of depth can be created. In particular they found interfacial FM in films
where the FeRh and Au had been deposited at high temperature, thereby allowing
inter-diffusion between the two. These previous works point to effects coming from
a combination of strain, Fe deficiency, and chemical diffusion from the cap but the
variety of systems studied and experimental techniques used renders the interpretation
difficult. A systematic study of the effect of different materials is required to elucidate
the role of chemical diffusion and is the focus of this paper.

T0 has been shown to be sensitive to small changes in at. % Rh composition as
indicated in the reported phase diagrams for the Fe-Rh system [6, 16] constructed from
data on bulk samples. The effect of the composition on T0 (here defined as the average
of TAF−FM and TFM−AF ) has been reported in thin films as well [25, 86]. In particular
we have observed a significant reduction of 10 K per 1 at. % Rh composition change
(from 397 K at 48.5 at. % Rh to 367 K at 51.5 at. % Rh, see Section 2.6). For lower Rh
concentration, we found that alloys with composition ≤ 47.5 at. % Rh are FM from
300 K to 10 K, in good agreement with the existing phase diagrams indicating that the
AF phase exists only over a small composition range near equiatomic(see Section 2.6).
Deviations from equiatomic composition of a few at.% can thus significantly lower T0

or even stabilize the FM phase over the entire temperature range. Doping with
small amounts (1 to 10 at.%) of ternary metallic elements also affects this sensitive
system [46, 87, 88, 89]. Some elements such as Ni and Pd lower T0, while others such
as Ir and Pt raise it. An increased T0 (near 500 K for 5 to 10 at. % Pt) improves
the suitability of FeRh for magnetic recording. In addition, the likely high anisotropy
media that FeRh would be coupled to is FePt, and therefore understanding the effect
of Pt diffusion on interfacial FeRh is crucial [17, 89, 90].

In this work, we use a surface sensitive magnetic spectromicroscopy technique to
directly probe the magnetic structure in the region near the interface with different
capping layers and polarized neutron reflectivity to model the magnetic profile of the
different samples as a function of depth to understand the origin of the interfacial
effects. In an effort to focus on the chemical effects such as species segregation and
diffusion at the interface, we systematically studied 5 different capping materials.
Due to the differences in cap material, growth modes and small variations in cap
thicknesses, a constant strain state is not guaranteed between the different samples,
nevertheless attempts were made at keeping differences in strain state small by keeping
the thickness of the cap small (1.8 to 2.5 nm) compared to the thickness of the FeRh
layer of ∼100 nm and depositing all caps at RT to eliminate differential thermal
expansion between the two layers. All films were grown at the same temperature and
on the same substrate.

The effect of 5 different caps was studied: three metallic caps, Al, Pt and Ag and
two oxides, FeRh native oxide and alumina. The effect of two alumina caps with
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different thicknesses (1.8 and 2.5 nm) was also studied to look for any strain effect.
The magnetic domain structure is imaged in the region near the interface between
FeRh and these different caps (native oxide, alumina 1 and 2, Al, Pt) below and above
T0 and the magnetic and structural depth profile is modeled below and above T0 (Al,
Ag). In addition, the magnetic domain structure in the region near the interface
between FeRh and Ag is imaged at RT.

6.2 Experimental methods

Thin films of FeRh (001) with ∼100 nm thickness were grown by magnetron sput-
tering from a FeRh alloy target onto (001) MgO substrates. The base pressure in
the chamber was 8×10−8 Torr. The growth was performed at a substrate tempera-
ture of 873 K, using a DC power of 40 W and an argon pressure of 2 mTorr. The
growth rate measured by a quartz crystal microbalance was 0.04 nm/s. The films
were subsequently given one of the following treatments: (1) left uncapped to allow
the formation of a native oxide with a thickness estimated by hard x-ray photoemis-
sion spectroscopy measurements to be less than 2 nm, (2) capped in-situ (without
breaking high vacuum) with 1.8 nm or 2.5 nm of alumina by reactive sputtering from
an Al target, or with 1.8 nm of sputtered Pt, (3) capped ex-situ (after exposure to
atmosphere) with 2.5 nm of sputtered Al or with 2.5 nm of sputtered Ag. Note that
all capping depositions were done at RT to minimize inter-diffusion between the FeRh
film and the capping layer and to eliminate differences in strain induced by differen-
tial thermal contraction of cap and FeRh. The films capped without breaking high
vacuum were allowed to cool to RT (2 hours minimum) before subsequent deposition,
therefore resulting in a similar potential exposure to water and other oxidants as the
films capped after exposure to atmosphere (a monolayer of adsorbed gas molecules is
formed on the surface of the FeRh film in less than 30 sec at 8×10−8 Torr). Hence in
this work we do not distinguish between capped ex-situ and in-situ. The thickness of
the deposited caps was controlled based on the calibrated rate of deposition of each
material (thickness of calibration films measured by profilometry).

The magnetic phase transition of all samples was measured by SQUID magne-
tometry. Figure 6.1 shows the temperature dependence of the magnetization of the 5
different samples in an applied field of 5 T. By correcting for the effect of the applied
magnetic field on T0 (-8 K/T), we find that all 5 samples are fully AF below 340 K
and fully FM above 410 K in zero applied magnetic field. The spread in transition
temperature observed between the 5 different samples is attributed to the extreme
sensitivity of T0 on external factors such as small changes in Fe composition. A mea-
sured composition shift of 2 at. % between different samples is due to the drift in
sputter target composition over time because of non-equal sputtering yields between
Fe and Rh species. T0 follows the expected trend of decreasing with increasing Rh
concentration. Note that SQUID magnetometry measurements of M(H) at 300 K
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Figure 6.1: Temperature dependent magnetization of FeRh films with different caps
showing the hysteretic transition from AF (near zero magnetization) to FM phase.
The transition was measured in an external field of 5 T and the temperature axis has
been corrected to reflect the transition in no external field. Note that all films are
fully FM above 410 K and fully AF below 340 K. M is normalized by its high T , fully
FM value to account for small differences in composition.

show a small residual FM component in all films. A saturation magnetization of 80
to 100 emu/cc is measured at 300 K, 7 to 10 % of the fully FM state at 400 K. Since
SQUID magnetometry is not a local technique we cannot determine whether this
contribution is distributed through the film, originates from either the top or bottom
interface, or if it is a combination of both. A surface sensitive or depth sensitive
technique is necessary to detect the presence of any interfacial FM layer.

Table 6.1 summarizes the structural and chemical information of the different
FeRh/cap systems. The structural and chemical ordering quality of each film was
checked by x-ray diffractometry and showed small deviation in the mosaicity and co-
herence length between the different films with respective average values of 0.34±0.02
and 35±1 nm, as well as similar lattice parameters indicating a cubic structure with
negligible tetragonal strain within our measurement accuracy (±0.3%). The chemi-
cal order parameter S determined on separate uncapped FeRh films grown under the
same condition is S = 0.88±.03. The film and cap thicknesses and the roughness
of the interface were determined by x-ray reflectivity. The Al and alumina caps are
thicker than nominal thickness based on deposition rate due to the oxidation of the
Al. The interface roughness of the films is similar for all samples (1 to 4 nm), in good
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Sample cap No cap Al Pt Alumina Ag
Nominal cap thickness (nm) N/A 2.5 1.8 2.5 2.5
Rh composition (at. %) 50.4 50.4 51.2 51.5 52.5

c (nm) 0.2988 0.2988 0.2982 0.2983 –
a (nm) 0.2990 0.2990 0.2992 0.2990 –
c/a (%) 99.9 99.9 99.7 99.8 –

Coherence length (nm) 34 34 36 34 –
Mosaicity (deg) 0.33 0.33 0.32 0.38 –

Film thickness (nm) 95 95 110 97 103
Cap thickness (nm) N/A 5.6 – 7.5 7.4

Cap-film interface (nm) N/A 1.5 – 3.8 4.3

Table 6.1: Summary of films and caps structural and chemical parameters.

agreement with the topography of uncapped FeRh films measured by atomic force
microscopy which shows rms roughness of ∼5 nm. Note that the reflectivity model
does not distinguish between a topographically rough interface and a chemically dif-
fuse interface, and therefore both could contribute to the measured roughness. An
accurate value of the roughness of the interface could not be determined from the
x-ray reflectivity model fit for the FeRh film capped with Pt (non-detectable oscilla-
tions possibly due to a non-uniform Pt film or Pt islands) so the cap thickness value
reported in Table 1 is the nominal deposition thickness. The composition of the films
was measured by Rutherford backscattering spectrometry.

X-ray magnetic circular dichroism (XMCD) in photoemission electron microscopy
(PEEM) is a surface sensitive magnetic microscopy technique suitable for the study
of interfacial magnetic phenomena in buried layers due to its element selectivity and
the penetration of the x-ray photons. The probing depth is the distance at which the
recorded intensity decreases by a factor of e and is typically around 5 nm in metallic
samples. The intensity of buried signal decreases exponentially with thickness but
can be measured by increasing the integration time. In the samples studied here, all
sample-cap interface regions were within the probing depth.

XMCD-PEEM imaging was performed at beamline UE49-PGM-a-SPEEM at the
BESSY II synchrotron, at the Fe L3 edge (705.6 eV), using low-energy secondary elec-
trons with a spatial resolution of ∼30 nm. Magnetic contrast images were computed
as described in ref. [24] by plotting the XMCD asymmetry at the Fe L3 edge. XMCD
asymmetry measures the strength of the projection of the magnetization along the
propagation direction of the incoming x-ray beam. Saturated blue (red) in the se-
lected color scale highlights magnetic domains with a projection of the magnetization
aligned parallel (antiparallel) to the propagation direction of the photons. The color
gradient indicates a lower magnetization or a departure of the local magnetization di-
rection from the x-ray beam direction. No external magnetic field was applied during
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the measurement. Images were recorded in the initial RT state (nominally AF), then
in the fully FM phase between 400 K and 420 K and finally at RT again to check the
stability of the initial interfacial phase.

PNR was performed on the MAGIK reflectometer at the NIST Center for Neu-
tron Research as a function of temperature in order to fully characterize the depth-
dependence of the magnetization [91]. Spin-polarized neutrons were specularly re-
flected from the sample in an applied field of 0.68 T at 450 K in the nominally FM
phase and 300 K in the nominally AF phase. At each temperature, all four cross
sections (non-spin flip and spin flip) were measured as a function of wave vector Q.
Beam footprint and polarization efficiency corrections were applied to the raw data.
No features were observed in the spin flip cross sections, confirming that all the mag-
netizations are in the plane of the film, parallel to the applied field. The resultant
non-spin flip cross sections (– and ++) at both temperatures were fit to a model
for the chemical and magnetic scattering length density (SLD) depth profiles for the
stack MgO/FeRh/cap in order to isolate the magnetization near the bottom and top
interfaces of the FeRh films at RT. The FeRh layer was divided into 3 layers with
different magnetic SLDs and the model was then fitted to the experimental data using
refl1D PNR software [92]. The data at different temperatures were fitted simultane-
ously, with the chemical SLDs, layer thicknesses and interface roughnesses the same
between the two temperatures and only the magnetic SLDs allowed to vary.

6.3 Results

Figure 6.2 shows the XMCD asymmetry corresponding to the interfacial FeRh
phase at different temperatures for the FeRh thin film capped with Al. Similar to
other studies with a Au capping layer [20, 22] we find that the Al cap induces a
RT FM interfacial layer that is stable to thermal cycling. The interfacial FM has a
reduced contrast compared to the fully FM phase, but is clearly visible. Changes in
XMCD-PEEM magnetic contrast can generally be attributed to 3 separate factors:
the magnitude of the Fe moments, the fraction of Fe atoms that carry a FM moment
and the direction of the Fe moments. Metallic doping by a non-magnetic element has
been shown to reduce the Fe magnetic moment in FeRh [22, 46, 87, 88] and it is the
most likely factor. The observed reduced magnetic signal can also be the result of a
thin FM layer compared to the probing depth of ca. 5 nm, or a combination of these
two factors.

We used PNR to separate these two factors and determine the thickness of the
interfacial FM layer giving rise to this signal and the magnitude of the magnetic
moment carried in this layer. Figure 6.3 shows the resultant non-spin flip cross
sections (– and ++) at both temperatures (Fig. 6.3 (a) and (b)) and the corresponding
structural and magnetic layers model which was fit to the data (Fig. 6.3 (c) and (d)).

Our structural and magnetic layers model is in excellent agreement with the high
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Figure 6.2: XMCD-PEEM asymmetry images of FeRh thin film capped with Al at
(a) the initial RT state, (b) above 410 K in the fully FM phase, (c) cooled back below
320 K in the nominally AF phase. The interfacial FM layer is stable to temperature
cycling. The labels (FM) and (AF) indicate the nominal phase according to bulk
magnetization measurements.

temperature PNR experimental data. The magnetic moment per FeRh atom of the
fully FM layer is 1.61 μB in good agreement with the saturation magnetization mea-
sured by magnetometry of 1.77 μB. The model is also in good agreement with the
RT data. It requires the presence of a non-negligible magnetic layer at the inter-
face between the FeRh layer and the Al cap at RT. The interfacial magnetic layer is
modeled to have a thickness of 7 nm with a magnetic SLD of 0.50×10−6Å−2 which
corresponds to a magnetic moment of 0.23 μB.

In addition, the PNR reveals that there is a magnetic layer at the MgO/FeRh sub-
strate interface as shown by the magnetic SLD in Fig. 6.3 (d) and in good agreement
with previous observations in Ref. [21]. This magnetic layer can be attributed to a
Rh-rich layer near the bottom interface as observed in Ref. [22]. Indeed both the x-ray
reflectivity and PNR fits are improved by inclusion of this Rh-rich layer. We speculate
that this variation in the FeRh composition with depth is due to Fe deficiency because
of Fe diffusion into the MgO substrate. Interfacial diffusion between Fe and MgO has
been reported in studies related to magnetic tunnel junctions with formation of an
inter-diffused (Mg,Fe)O layer at the interface after annealing to temperatures above
450◦C [93, 94]. Our films are deposited at 600◦C and a similar effect would result in
Fe depletion in the bottom layer, therefore increasing the Rh concentration locally.
As discussed in the introduction an increase in Rh concentration lowers T0 and can
lead to the stabilization of the FM phase at RT.

Note that the magnetic moment of 0.23 μB, found at the interface with the Al
cap, is an order of magnitude larger than the interfacial FM reported by Fan et al. of
0.02 μB for a FeRh film capped with MgO [21], indicating that the effect of a metallic
cap on the interfacial FM is stronger than that of an oxide cap.
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Figure 6.3: PNR reflectivity curves for FeRh capped with Al at (a) 450 K (fully
FM) and (b) 295 K (interfacial FM only) and corresponding structural and magnetic
profile models (c) and (d).

In order to further compare the effect of an oxide to that of Al, a FeRh film
capped with alumina was then studied. Figure 6.4 shows the magnetic contrast
images of the FeRh film capped with alumina. A surprising behavior is observed:
interfacial FM is seen initially at RT and disappears after the first heating-cooling
cycle and subsequent temperature cycles. The FeRh film capped with a thinner
alumina layer (nominal 1.8 nm compared to 2.5 nm) shows the same behavior. X-
ray photoemission spectroscopy (XPS) of the sample reveals that the alumina cap
is initially not chemically homogeneous: it contains oxidized and metallic aluminum
atoms. The initial FM interface is attributed to the presence of some metallic Al
at the interface, which upon small heating reacts with and is incorporated into the
alumina cap.

To confirm our explanation we turn to the detailed analysis of the XPS Al, Fe
and Rh peaks, before and after heating. Figure 6.5 (a) shows the Al 2p XPS peaks
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Figure 6.4: XMCD-PEEM asymmetry images of FeRh thin film capped with alumina
at (a) the initial RT state, (b) above 410 K in the fully FM phase, (c) cooled back
below 320 K in the fully AF phase. While initial FM domains are seen in the RT
image (a), after heating to the fully FM phase and cooling back below the transition
temperature no interfacial FM persists and instead a fully AF interface is seen. This
AF phase is stable to further heating and cooling cycles.

measured before and after heating. A strong presence of metallic Al is seen before
heating as indicated by the double peak fit. A rough estimate gives that only 50 %
of the layer is initially oxidized. After heating, only one chemical state is observed in
Al 2p XPS peak within our resolution limit. The small energy shift between the two
spectra is due to a different band alignment, as confirmed by the binding energy of O
1s peak (not shown). Further comparison of the XPS spectra before and after heating
shows that the Fe and Rh elemental peaks have a reduced amplitude after heating
(Fig. 6.5 (b) and (c)), indicating that the thickness of the capping layer is increasing,
in good agreement with the formation of more oxide (∼1 nm of extra alumina cap as
estimated from the magnitude of the reduction). Note that a change in morphology
of the cap could cause additional damping of the Fe and Rh peaks.

To support our claim that a stable and fully oxidized cap does not generate any
interfacial FM, we turn to an uncapped film that was previously studied for the
nucleation and growth of the FM phase presented in Chapter 4. This film is effectively
capped with a native oxide. Hard x-ray photoemission spectroscopy of the Fe 2p and
Rh 3d core levels reveals that Rh is present in the metallic state only and that the
native oxide is composed of Fe oxide. Note that although Fe 2p and Rh 3d levels are
accessible by soft x-rays, hard x-rays were used to probe deeper into the film. The
most probable candidate according to the structure of the Fe 2p peak is Fe2O3, with
a thickness estimated at 2 nm.

Figure 6.6 shows the magnetic contrast images recorded during the full heating
and cooling cycle (AF, FM, AF again). No detectable FM phase is observed at
the interface with the native oxide. A structure of large FM domains with strong
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Figure 6.5: XPS spectra of FeRh thin film capped with alumina recorded at RT in
the initial state (before heating) and after a full cycle of heating above 410 K and
cooling back to RT (after heating), showing the details of (a) the Al 2p peak, (b) the
Fe 2p peak and (c) the Rh 3d peak.

Figure 6.6: XMCD-PEEM asymmetry images of uncapped FeRh thin film, effectively
capped with a native oxide of 2 nm or less at (a) the initial RT state, (b) 415 K in the
fully FM phase, (c) cooled back to 310 K in the fully AF phase. The white color in
the low temperature images (a) and (c) indicates the absence of FM domains, while
the 415 K image (b) shows a strong FM contrast.

contrast is observed in the fully FM phase at 415 K similar to the structures seen
in the film capped with Al and alumina. After cooling, a weak residual magnetic
contrast is detected locally where the FM islands last disappeared but the majority
of the background has no asymmetry, indicating its AF nature.

To further investigate the effect of a metallic cap, Fig. 6.7 shows the asymmetry
images of a FeRh film capped with Pt. Unlike the film capped with the other metallic
layer of Al, no interfacial FM is observed at RT, both in the initial state and after
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Figure 6.7: XMCD-PEEM asymmetry images of FeRh thin film capped with 1.8 nm
of Pt at (a) the initial RT state, (b) 400 K in the fully FM phase, (c) cooled back to
320 K in the fully AF phase. Note that the initial and final images show only noise,
so there is no interfacial FM at RT.

a full heating and cooling cycle. In the fully FM phase, the typical pattern of FM
domains with strong FM contrast is seen again (the quality of these images is slightly
reduced due to a lower acquisition time). Even in the case of a non-uniform film due
to the formation of Pt islands, this shows that in the regions covered with Pt, the Pt
results in the same absence of interfacial FM as the native oxide cap.

Finally, PNR measurement of a FeRh film capped with Ag was performed. The
same methodology as for the Al capped film was used to perform the measurement
and analyze the data. Figure 6.8 (a) shows the non-spin flip cross sections PNR at
RT. The reflectivity data recorded at 450 K (not shown) is very similar to the film
capped with Al and modeled with a fully FM layer of magnetic moment 1.60 μB

(lower than film capped with Al due to a lower Fe concentration of the film overall).
When comparing the RT reflectivity profile of the film with Ag cap to the Al capped
film, it is clear that while the Al capped films showed a strong splitting between the
++ and – cross sections indicating the presence of FM at RT, splitting in the Ag
capped film is minimal (close to the resolution limit), indicating that the magnetic
signal at RT is negligible. Indeed a reasonable fit is obtained by assuming a model
with no interfacial FM layer at the interface with the Ag cap at RT, shown in Fig. 6.8
(b).

Our data indicates that the magnetic component at the origin of the small split-
ting between ++ and – is located at the bottom interface with the MgO substrate,
consistent with the observation of the Al capped film. In both samples, the bottom
FM layer is ∼2 nm thick with a moment of 0.26 μB.

XMCD-PEEM of the FeRh/Ag interface near RT is in good agreement with the
PNR results as shown in Fig. 6.8 (c), confirming the absence of interfacial FM. Note
that the combination of the large roughness of the cap from the x-ray reflectivity
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Figure 6.8: (a) Room temperature PNR reflectivity curves for FeRh capped with Ag
and (b) corresponding structural and magnetic profile models. (c) XMCD-PEEM
asymmetry image of FeRh capped with Ag near RT showing the mostly AF interface
(except for a few weak residual local FM domains).

model and the detection of some oxidation in XPS of this film capped with Ag indi-
cates the possibility of a non-uniform island forming cap, similar to the Pt cap. But
since PNR information is averaged over the entire sample surface area and the field
of view of the XMCD-PEEM image is 4 μm, assumed to be large compared to the
size of islands, the FeRh/Ag interface was clearly probed in our measurements.

6.4 Discussion

To test the hypothesis that the interfacial FM is due to diffusion of the capping
element which modifies T0 of FeRh near the interface, the effect of three metallic caps
was compared: Al, Pt (known to raise T0) and Ag (non-miscible).
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While no previous experimental observation exists on the effect of Al on FeRh,
we suggest that it is comparable to the effect of Ni or Pd which are known to lower
T0. Diffusion of Al from the Al cap into the FeRh film during the growth results in
a lightly Al doped FeRh layer near the interface with the cap, thereby lowering T0

of this interfacial layer and making the FM phase stable at RT at the interface, as
observed by XMCD-PEEM and PNR. Diffusion from the Pt cap results in a lightly
Pt doped FeRh layer with the opposite effect of raising its T0. The increase of T0

induced by Pt doping is well-documented and ranges from 7 K to 20 K per at.% of
Pt. [46, 87, 88, 89]. In this case the interfacial layer is not FM at RT because its
TAF−FM is raised even higher than that of the bulk of the film. For technological
use of FeRh in which maintaining the magnetic properties of FeRh at the interface
is desired, the selection of an immiscible element such as Ag or Re [88] as the cap
material would prevent interfacial FM in FeRh. Ag is not miscible therefore has no
effect on the magnetic properties of FeRh. Both oxide caps (fully-oxidized alumina
and native oxide) do not induce any RT interfacial FM due to the absence of metallic
element diffusion. A shown by the XPS analysis, the initial FM seen at the interface
with the non-fully oxidized alumina cap is due to some residual metallic Al in the
cap.

Another possible source of interfacial FM could be the stabilization of a layer with
different FeRh composition from the bulk, either due to a single-species termination
of the surface/interface or because of surface/interface segregation. The films studied
in this work have [001] direction out of the plane, therefore we are interested in the
properties of {001} surfaces. In a perfect equiatomic alloy, this surface consists of
alternating Fe and Rh layers and is terminated by a layer of only one species.

Rh termination of the {001} surfaces in FeRh was experimentally observed by
quantitative low energy electron diffraction (LEED) by Kim et al. [95]. Based on
this observation, Lounis et al. [96] performed theoretical density functional theory
calculations and showed that, for films below a certain thickness, 100 % Rh-terminated
(001) surface results in a magnetic reconstruction which stabilizes the FM phase near
the surface. Their calculation shows that 100 % Fe-terminated surface does not cause
any magnetic surface reconstruction. However the stability of the Rh termination
versus the Fe termination was not studied. Several groups have relied on this theory
to explain the experimental observation of a residual FM component at RT [28, 44, 97],
including the interfacial studies already mentioned [20, 21].

While there is some experimental evidence for preferential Rh termination of the
FeRh (001) surface, no direct experimental reports of surface segregation leading to
a local increase of Fe or Rh concentration could be found. Theoretical calculations
of surface segregation energies in transition-metal alloys by Rubanet al. [98] predict
a strong surface segregation of Rh in Fe for a bcc (001) surface but this calculation
assumes that Rh is a dilute impurity and care must be taken when comparing this
result to a concentrated equiatomic alloy of Fe and Rh as segregation reversal is seen
in other concentrated systems. Indeed, Heinz et al. [99] report experimental results
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on the ordered B2 FeAl alloy and show that the segregation question is quite rich and
complicated. In summary, three general cases are possible: (1) the ordered bulk-like
termination is favored, (2) chemical disorder is induced in the first few surface layers
or (3) a new kind of chemical order can develop. This latter case is often the result
of surface preparation (sputtering and annealing) inducing a metastable state. In
particular the Rh termination observed by LEED in ref. [95] could be the result of
the cleaning procedure that the sample experienced. In contrast, a recent surface-
sensitive photoemission study of ultrathin FeRh films deposited in-situ by Lee et al.
reported no significant change in Rh to Fe core level photoemission intensity ratio
after annealing the film, indicating no strong tendency of surface segregation of either
Fe or Rh [100].

Heat treatment of the film can also modify the surface. We have observed in
XMCD-PEEM of uncapped films with an initial AF surface that after heating above
the Curie temperature of 573 K, the surface of the film is modified (most likely by
chemical diffusion) and remains FM to subsequent cooling. The same effect was
observed on a film with higher Rh concentration heated only to 395 K for period of
several hours.

Finally, the adsorption of atoms of a third species can modify the segregation or
reconstruction expected in equilibrium with the vacuum. This means that capping
with different materials could lead to different segregation configurations. A possible
illustration was recently reported by McLaren et al. [101]. The composition profile
along the cross-section of a 50 nm FeRh film capped with Al shows the presence of
a Fe rich region extending to about 2 nm below the FeRh/Al interface. This result
indicates that the Al cap favors Fe segregation at the interface, contrasting with the
Rh termination of an Ar-ion-bombarded surface and the absence of segregation of the
surface of an in-situ deposited film.

Since both Fe segregation and Rh termination could result in the stabilization of
a FM layer at the interface one would expect a FM interface to always be observed.
However our results show that this is not the case. In particular, the uncapped film
was found to have a native oxide layer at the surface constituted of Fe oxide. The for-
mation of Fe oxide causes Rh-enrichment of the top FeRh layer near the interface with
the native oxide, but no interfacial FM was found, indicating that Rh-enrichment by
itself is not enough to generate interfacial FM. Therefore we suggest that segregation
effects are secondary and that the main driving force for the stabilization of FM is
the alloying with the third metallic element from the cap.

Comparison of metallic Al and oxide alumina of similar thickness (5.6 and 7.5
nm determined from x-ray reflectivity) further eliminates strain as the cause since
similar local strains are expected from these two caps, yet the interfacial FM is only
observed with the Al cap. Additionally, a FeRh film capped with a thinner alumina
layer (nominal 1.8 nm compared to 2.5 nm) shows the same behavior as seen in
Fig. 6.4 (some initial interfacial FM that disappears after the first heating/cooling
cycle). This confirms that strain resulting from capping layers of different thicknesses
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is not alone enough to generate interfacial FM.
These results show that chemical effects alone can explain the stabilization of an

interfacial FM layer at RT in FeRh capped with Al. The opposite effect of capping
with a different metallic element (Pt) is clear evidence of the chemical origin of the
FM layer and confirms our hypothesis.

6.5 Conclusion

In conclusion, the effect of capping material on interfacial FM layer between FeRh
films and caps was systematically studied for 5 different capping materials (native
oxide, alumina, Al, Pt, and Ag). While no measurable interfacial FM is seen at the
interface with stable oxide caps, XMCD-PEEM and PNR confirm that Al stabilizes
a FM layer of ∼7 nm with magnetization reduced by a factor of 7 with respect to the
nominal FM film. No such layer is seen for Pt or Ag. The FM interface layer is the
result of alloying between FeRh and the cap element. Al doping acts to lower T0 while
Pt raises it. Ag is not miscible therefore has no effect on the magnetic properties of
FeRh. Understanding of the chemical inter-diffusion origin of interfacial FM in FeRh
enables improvements in the technological implementation of FeRh. In particular the
use of non-miscible layers is recommended to limit inter-diffusion between metallic
layers and maintain the nominal magnetic properties of the FeRh film or, when not
possible, the change in magnetic properties must be taken into account.
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Chapter 7

Conclusion

The goal of this work was to perform a microscopic study of the unusual AF-FM
transition in FeRh thin films, by doing temperature dependent in-situ microscopy of
the evolution of the FM and AF phase across the transition.

Thin-film growth was implemented and optimized with extensive structural and
magnetic characterization. Epitaxial, strain-free, near-equiatomic films were fabri-
cated on MgO substrates and the hysteresis and broadening of the transition was
determined at the macroscopic level. The effect of film composition was studied and
an updated phase diagram was proposed with a maximum in T0 at 48.5 at.% Rh and
a progressive decrease in T0 at higher Rh concentration.

We designed a membrane-based microfabricated device to be used as an x-ray
transparent heater stage and tested this device in a transmission synchrotron x-ray
microscope. Successful growth of single crystal FeRh onto this device was limited so
we turned instead to a photoemission electron microscopy (PEEM) of FeRh on MgO
substrates.

FM domains were imaged near the surface of FeRh thin films by XMCD-PEEM.
Nucleation, growth and coalescence stages were identified in the phase transforma-
tion mechanism from AF to FM. The coexistence of FM and AF phases inherent to
a first-order phase transition was observed in the early stages of the transition. The
transition at the local nuclei level was found to be sharp, with the spread of these
nucleation events contributing to the macroscopic broadening. Upon cooling, a dif-
ferent behavior was seen with the disappearance of the FM phase more progressive,
corresponding to the growth of the AF phase.

XMLD-PEEM was used to spatially resolve the AF phase near the surface of
FeRh thin films and its evolution upon cooling. The feature size and the magnetic
contrast of the AF phase were close to the limit of the instrument, nevertheless a
characteristic length of 300 nm was identified, smaller than the average size of FM
domains and small changes in the AF morphology were detected between 5 K cooling
steps, indicating that the growth of the AF phase is limited, most likely by crystalline
defects. Moreover the AF structure was found to be reproducible to repeated cycling
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through the transition, confirming its sensitivity to defects.
This study of the transition at the microscopic level has thus led to a better under-

standing of the domain structure of each phase and the broadening and asymmetry
between heating and cooling of the macroscopically observed transition.

Finally, an alloying effect was found to be at the origin of the interfacial FM
observed in capped FeRh thin films. Alloying with a metallic element can either
lower or raise T0. A lowered T0 lead to a stable FM layer at the interface while a
raised T0 did not. The sensitivity of FeRh to chemical inter-diffusion was therefore
demonstrated and non-miscible metallic layers or stable oxide layers are recommended
in the integration of FeRh into technological devices.

FeRh is a unique system which offers many opportunities for exciting research. In
the course of the research presented in this dissertation, other interesting questions
have come up, some of which have sparked projects currently in progress in our lab.
While we identified chemical diffusion as the primary cause of interfacial FM, strain
is also known to affect the magnetic properties of these films, with tetragonal strain
predicted to give rise to perpendicular anisotropy. More work is currently in progress
to induce perpendicular anisotropy in the FM phase of FeRh by substrate induced
strain. Successful growth of single crystalline FeRh films on the x-ray transparent
heater stage we designed will allow transmission x-ray microscopy study which could
reveal additional information about the nucleation and growth of domains not lo-
cated at the surface of the film, but through the entire thickness of the film. The
understanding we gained about what contributes to the broadening of the transition
is relevant to the magnetocaloric effect in which the breadth of the transition af-
fects the cooling power. The magnetocaloric effect will be investigated by thin-film
calorimetry, using the membrane-based calorimeters. Finally, femtosecond dynamics
studies (synchrotron x-ray transmission or reflectivity experiments) will shed light on
the structural or magnetic origin of the transition and will benefit from the knowledge
gained on the steady state of the transition, both from the initial film characterization
and the PEEM microscopy.
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[66] G. Schütz, W. Wagner, W. Wilhelm, P. Kienle, R. Zeller, R. Frahm, and
G. Materlik. Absorption of circularly polarized x rays in iron. Phys. Rev.
Lett., 58:737–740, Feb 1987.

[67] C. M. Schneider and G. Schönhense. Investigating surface magnetism by means
of photoexcitation electron emission microscopy. Reports on Progress in Physics,
65(12):1785, 2002.



96

[68] J. Nogués and I. K. Schuller. Exchange bias. Journal of Magnetism and Mag-
netic Materials, 192(2):203 – 232, 1999.

[69] F. Bertaut, F. de Bergevin, and G. Roult. Etude par diffraction neutronique
de Fe0,47Rh0,53. Compt. Rend., 256:1688–1691, 1963.

[70] E. O. Wollan and W. C. Koehler. Neutron diffraction study of the magnetic
properties of the series of perovskite-type compounds [(1 − x)La, xCa]Mno3.
Phys. Rev., 100:545–563, Oct 1955.

[71] W. L. Roth. Neutron and optical studies of domains in NiO. Journal of Applied
Physics, 31(11):2000–2011, 1960.
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Appendix A

Heat transfer dimensionless
numbers analysis

The following are the heat transfer dimensionless numbers used in convection
problems. [61, 102]

The Grashof number is the ratio of buoyancy to viscous forces. Its expression is
given by

Gr =
gβΔTL3

ν2
(A.1)

with g the acceleration due to Earth’s gravity, β the coefficient of thermal expansion,
ΔT the temperature difference between the system and the gas, L the characteristic
length of the system and ν the kinematic viscosity of the gas which is equal to the
ratio of the dynamic viscosity η and the density ρ.

The Prandtl number is the ratio of molecular momentum and thermal diffusivity.
Its expression is given by

Pr =
ν

α
(A.2)

where the diffusivity α is defined as

α =
λ

ρCp
(A.3)

with λ the thermal conductivity and Cp the specific heat capacity.
The Rayleigh number is the product of the Grashof number and the Prandtl

number:
Ra = GrPr (A.4)

The transition from laminar to turbulent regime occurs at Ra > 109. At 760 Torr of
nitrogen, based on the microscale dimension of our system Ra = 0.85 << 109 so we
are far from the turbulent transition.
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The Knudsen number is the ratio of gas molecule mean free path to the system’s
characteristic length:

Kn =
�

L
(A.5)

with the mean free path given by

� =
RT√

2πd2NAp
(A.6)

where d is the diameter of the gas molecules, p the pressure of the gas, R the universal
gas constant and NA is the Avogadro number.

In the molecular regime, the molecular impingement flux is defined by

J =
NAP√
2πMRT

(A.7)

with M the molecular weight of the gas.




