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ABSTRACT OF THE DISSERTATION

Fundamental Study of Nanoparticles Enabled High Performance Copper

Gongcheng Yao
Doctor of Philosophy in Materials Science and Engineering
University of California, Los Angeles, 2020

Professor Xiaochun Li, Chair

High performance (hardness, strength, electrical/thermal conductivity, ductility, Young’s
modulus, and corrosion resistance, etc.) copper (Cu) based materials are in strong demand in
industry for numerous applications. However, it has been a long-standing challenge to achieve
high performance Cu by scalable and cost-effective fabrication due to the limits of traditional
metallurgy. Pure Cu is very soft and improving the mechanical properties of Cu comes at great
expense of electrical and thermal conductivity. The properties of traditional Cu alloys have reached
certain limits. Nanotechnology enabled metallurgy provides a new pathway to achieve significant
performance enhancement of Cu. The overarching goal of this dissertation is to advance the

fundamental understanding of nanoparticle effects on micro/nano-structures and properties of



Cu/Cu alloys, thereby overcoming the existing limits of Cu/Cu alloys. The specific research
objectives are to develop effective processing methods to synthesize and disperse suitable
nanoparticles in Cu/Cu alloys and to break the limits of grain refinement, phase modification, and
property enhancement in Cu/Cu alloys by nanoparticles.

Two ex-situ processing methods were utilized to fabricate Cu matrix nanocomposites with
a wide volume fraction range of well-dispersed nanoparticles. To enable the size control of the
nanoparticles and expand the choices of nanoparticles for Cu/Cu alloys, novel in-situ synthesis of
nanoparticles and Cu matrix nanocomposites were developed. In-situ TiB2 nanoparticles with an
average size of 65 nm in the Cu matrix were synthesized using fluoride salts as precursors and Al
as the reduction agent via casting. It was also discovered that Al in molten Cu can stabilize TiB>
nanoparticles. This finding overcame the challenge of incorporating TiB2 nanoparticles into
molten Cu. In addition, Cu with in-situ W nanoparticles (average size as small as 132.7 nm) was
cast using tungsten oxide microparticles as the precursor.

Cu/WC nanocomposites can exhibit simultaneously enhanced microhardness, strength, and
Young’s modulus without significant degradation of the electrical/thermal conductivity. The as-
solidified Cu/40 vol.% WC showed a yield strength over 1000 MPa, a Young’s modulus over 250
GPa, and still maintained reasonable electrical and thermal conductivity. In addition, a
CuAIMg/TiB2 nanocomposite was designed and fabricated by casting. Results showed that TiB>
nanoparticles effectively increased the hardness while causing less deterioration of the electrical
conductivity compared to alloying of Al and Mg.

Nanoparticle-enabled grain modification was investigated. Bimodal grain structure has
been demonstrated effective to overcome the strength-ductility tradeoff in nanostructured

materials. We report a new and scalable method to fabricate bimodal grained metals, i.e., casting



followed by regular hot rolling, when the metals are loaded with nanoparticles. After hot rolling,
as WC nanoparticles restricted grain growth, the nanoparticle-rich zones retained ultrafine grains,
while the grains in the nanoparticle-sparse zones grew to microscale. This new pathway has great
potential to advance the scalable manufacturing of bimodal grained metals for various applications.

Inaddition, it was discovered that microparticles (CrB and CrB2) with surface nanofeatures
can enable ultrafine/nanograined Cu via slow cooling. CrB/CrB2 microparticles, formed by
coalescence of nanoparticles in Cu matrix, displayed surface nanofeatures, which induced
substantial grain refinement and stabilization down to the ultrafine/nanoscale. The UFG Cu/CrB
and Cu/CrB2 samples exhibit exceptional thermal stability, comparable to UFG Cu induced by
nanoparticles, without coarsening after annealing at 600 C for 1 h.

The nanoparticle enabled phase modification in Cu alloys was studied targeting the
intermetallic phase, the solid solution, and the precipitates, which potentially offers a profound
impact on alloy design. High-Al bronze (Cu-14Al) has high hardness, wear resistance, but
extremely low ductility, resulted from the brittle intermetallic phases especially at the grain
boundaries. Nanoparticles tuned the morphology and distribution of the intermetallic phases,
effectively increasing ductility. Inaddition, Cu-4Al is a corrosion-resistant alloy, comprised of Al
solid solution in Cu. Dispersed TiB2 nanoparticles not only significantly increased its hardness and
modulus, but also mitigated the intergranular corrosion, which is anticipated to arise from the
reduced grain boundary energy of serrated grain boundaries in the nanocomposite sample and the
partially blocked dealumination by nanoparticles at the grain boundaries.

For many alloys, bulky and brittle intermetallic phases are detrimental to their properties,
and the refinement of those phases is considered a long-time challenge. Here, we show that

nanoparticles can modify and refine such intermetallics to the ultrafine/nanoscale during

iv



solidification. Cu-ZrCusSi pseudo-binary alloy was nano-treated by WC nanoparticles. Significant
morphology transformation and refinement of ZrCuSi down to the ultrafine/nanoscale was
achieved upon the addition of 4 vol.% WC nanoparticles, which arose from the nanoparticle-
enabled phase control during solidification. The CuZrSi alloy with 4 vol.% WC nanoparticles
exhibit simultaneously enhanced hardness, strength, and plasticity over pure CuZrSi.

Cu-Cr alloys are a class of high-strength high-conductivity Cu alloys. However, the
strength of Cu-Cr alloys by precipitation-hardening has reached a certain limit. Cu-Cr alloy
containing W nanoparticles was fabricated. W nanoparticles accelerated the precipitation, leading
to a significant reduction in the peak-aging time. Moreover, the nano-treated sample exhibit
increased peak microhardness and improved thermal stability. Thus, nano-treating the Cu-Cr
alloys is promising to break the limits of current Cu-Cr alloys.

In summary, this dissertation has demonstrated the effectiveness of dispersing
nanoparticles into Cu/Cu alloys to achieve high performance Cu. First, nanoparticles with suitable
volume fractions can effectively enhance the mechanical properties without significantly
deteriorating the electrical/thermal properties of pure Cu. Second, nanoparticles can modify the
grain structures of Cu during solidification, enabling bimodal grained and ultrafine grained Cu.
Third, nanoparticles can enable Cu alloys with much improved properties by refining
intermetallics to ultrafine/nanoscale (CuZrSi alloy), enhancing aging behavior (Cu-Cr alloy),
mitigating intergranular corrosion (Cu-4Al), and modifying the morphology and distribution of
the brittle phases to improve ductility (Cu-14Al). This approach breaks the limits of traditional
liquid metallurgy and lays a foundation for the rational design of high performance metals with

dispersed nanoparticles for widespread applications.
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Chapter1 Introduction

1.1 Motivation

High performance materials are one of the keys to the pursuit of higher system performance
and energy efficiency, among which, copper and its many varieties are of interest due to their high
electrical and thermal conductivities, malleability, and resistance to corrosion. Pure copper has
good electrical conductivity, but it is too soft for many applications. High performance copper-
based materials are in strong demand in industry for numerous applications, e.g., high-speed
railway contact wires [1], electric resistance welding electrodes [2], lead frames [3], rotors for
electric motors [4], and propellers. Two categories of high performance copper are pursued: (1)
high strength high conductivity copper; (2) high performance copper alloys with enhanced
ductility, corrosion resistance, strength, Y oung’s modulus, etc. For instance, in electric motors, the
achievable revolutions per minute and the rotor diameter are limited by the centrifugal forces and
the low strength of the die cast pure copper. Developing high strength high conductivity copper
will help increase its the energy efficiency. It was reported that even a 1% increase in motor
efficiency can save $1.1 billion in energy costs annually, according to the U.S. Department of
Energy [4].

Cu alloys have not achieved the desired high performance due to the restrictions by
traditional metallurgy. Solid solution strengthening will deteriorate electrical conductivity
significantly due to the severe electron scattering by solute atoms. Precipitation strengthening is
strictly limited by the phase diagram causing alloy properties to reach limits. Other inherent issues
of alloying are that Y oung’s modulus not improved; softening at elevated temperatures; brittleness
caused by intermetallics. Apart from alloying, severe plastic deformation (SPD) was utilized to

increase the strength of copper/copper alloys, but it also significantly decreases the ductility. While



nano-twinned copper was proved to have high strength and high electrical conductivity, the
fabrication method, i.e., electrodeposition, limits its application. In addition, rapid cooling was
adopted to obtain in-situ nanophase. However, rapid cooling also increases the manufacturing cost.
Therefore, it still remains a dilemma.

Here we introduce nanoparticles to copper/copper alloys, thereby utilizing nanoparticles to
break the barriers of traditional liquid metallurgy and achieve significant performance
enhancement that cannot be achieved by conventional methods. First, it is expected that
nanoparticles can strengthen copper while not severely affecting electrical conductivity. Moreover,
nanoparticles can modify the micro/nano-structures: tune grain structures and modify the phases

to impart superior properties to copper/copper alloys.

1.2 Research Objectives

The overarching goal of the proposed research is to advance the fundamental understanding
of nanoparticle effects on tuning micro/nano-structure and enhancing properties of copper/copper
alloys in order to enable a rational design of high performance copper/copper alloys. Specific
research objectives are to develop effective processing routes to synthesize and disperse suitable
nanoparticles in copper/copper alloys; understand nanoparticle effects on copper/copper alloys
including nanoparticle interaction with micro/nano-structure and the resultant property evolution;
break the limits of grain refinement, phase modification, and property enhancement in Cu/Cu

alloys by nanoparticles.

1.3Work Summary

The following chapters of this dissertation will be organized as follows.



Chapter 2 presents the literature review related to this study.

Chapter 3 introduces the molten-salt assisted ex-situ and in-situ fabrication of Cu
matrix nanocomposites and the resultant property enhancement.

Chapter 4 studies the grain modification in Cu enabled by nanoparticles.

Chapter 5 investigates the phase modification in Cu alloys enabled by nanoparticles.
Chapter 6 makes conclusions of this study.

Chapter 7 recommends research directions for future work.



Chapter 2 Literature Review

2.1 Basics about Copper

Copper is the oldest engineering metal in human history, first used by mankind more than
10,000 years ago [5]. Decorative pendants, hammered to shape from nuggets of “native copper,”
I.e., pure copper together with copper-bearing ores, were found in the Middle East, dating back to
8700 B.C. [5]. The first metal objects were fabricated from smelted copper. Artifacts made from
smelted copper were found in Turkey, dating back to 7000 B.C. [5]. Copper is also the first metal
being cast, i.e., 4000 B.C., and the first being alloyed with another metal, tin, to create bronze, i.e.,
3500 B.C., leading to the famous Bronze Age [6]. Interestingly, the iron materials, which are
common today started in human history much after the ending of the Bronze Age [5].

The Industrial Revolution and especially the discovery and development of electricity
dramatically changed the applications of copper and its alloys. Nowadays, copper is a major group
of materials that are essential to our lives, ranking third in consumption only after iron and
aluminum in the US. Their popularity can be attributed to the facts that copper has excellent
electrical/thermal conductivities, high corrosion resistance, ease fabrication, antimicrobial
property, color for decorative purposes, and good strength and fatigue resistance. Interestingly, it
was reported that copper base alloys containing more than 65% copper can effectively Kill several
bacteria [4]. Using copper in hospitals, heating, ventilation, air conditioning systems can be very
beneficial for human health. It was reported that electrical applications account for more than 60%
of the copper and its alloys consumed in the U.S [5]. They are widely used in building construction
(plumbing goods, building wires, etc.), electrical applications (electrical contacts, resistors, etc.),
electronics (printed circuit boards, connectors, lead frames, etc.), communications (cables),

transportation (motor vehicles, marine applications, etc.), industrial machinery and equipment
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(heat exchangers and condensers, bearings, plastic injection molds, container for nuclear wastes,
etc.), consumer products (coinage, musical instruments, etc.), health related purposes (nutrients,
antimicrobial materials) and arts (pigments, statues, etc.). Copper materials are also becoming
more and more important for superconductors, photovoltaic (PV) systems, solar heating,
desalination of water, etc [5].

It was estimated by the U.S. Geological Survey that every American born in 2008 will use
1,309 pounds of copper during their lifetime. It was also reported that in an average single-family
home, 439 pounds of copper will be found, including 195 pounds for building wire, 151 pounds
for plumbing tube, fittings, valves, 24 pounds for plumbers’ brass goods, 47 pounds for built-in
appliances, 12 pounds for builders’ hardware, and 10 pounds for other wire and tube [4]. On the
other hand, copper is also a very abundant natural resource. The total deposits of copper on earth
is about 8.1 trillion pounds. Only 1.1 trillion of them have been mined [4]. More importantly, as
copper has the highest recycling rate among metals, a lot of the mined copper is still in circulation.
Each year in the USA., nearly 45% as much copper is recovered from recycled material as is
derived from newly mined ore [4].

Other elements are added to copper to improve certain properties. Currently, there are more
than 570 copper alloys listed with the American Society for Testing and Materials International
[4]. They are identified by numbers preceded by a "C" and are assigned and reviewed by the
Copper Development Association for ASTM, more than 350 of which have been acknowledged
by the U.S. Environmental Protection Agency as antimicrobial [4]. The main alloying elements
are zinc, tin, lead, and nickel following descending order.

The elements most commonly alloyed with copper are aluminum, nickel, silicon, tin, and

zinc [5]. Other elements and metals are alloyed in small quantities to improve certain material



characteristics, such as strength, corrosion resistance or machinability. Copper and its alloys are
divided into nine major groups, as shown in Table 2-1 [5].

Table 2-1. Major nine groups of copper alloys [5]

Groups Composition
Coppers a minimum of 99.3% Cu
High-copper alloys up to 5% alloying elements
Copper-zinc alloys (brasses) up to40% Zn
Copper-tin alloys (phosphor bronzes) up to 10% Sn and 0.2% P
Copper-aluminum alloys (aluminum bronzes) up to 10% Al
Copper-silicon alloys (silicon bronzes) up to 3% Si
Copper-nickel alloys up to 30% Ni
Copper-zinc-nickel alloys (nickel silvers) up to 27% Zn and 18% Ni

contain alloying elements to enhance a
Special alloys
specific property or characteristics

The more detailed classification of coppers and copper alloys with UNS number and

composition is shown in Table 2-2 [5].



Table 2-2 General classification of coppers and copper alloys with UNS number and composition

[5]
Generic name UNS No. Composition
Wrought alloys
Coppers(a) C10100-C15815 =>99% Cu
High-copper alloys(b) C16200-C19900 =096% Cu
Brasses C20100-C28000 Cu-Zn
Leaded brasses C31200-C38500 Cu-Zn-Pb
Tin brasses C40400-C48600 Cu-Zn-Sn-Pb
Phosphor bronzes C50100-C52480 Cu-So-P
Leaded phosphor bronzes C53400-C54400 Cu-Sno-Pb-P
Copper-phosphorus and copper-silver-phosphorus alloys(c) 5518055284 Cu-P-Ag
Aluminum bronzes Coe0800-Co4210 Cu-Al-Ni-Fe-5i-Sn
Silicon bronzes Ce4700-Co6100 Cu-5i-5n
Other copper-zinc alloys C66300-C69710 Cu-Zn-Mn-Fe-5n-Al-5i-Co
Copper nickels C70100-C72950 Cu-Ni-Fe
Nickel silvers C73500-C79830 Cu-Ni-Zn
Cast alloys
Coppers(a) C80100-C81200 >09% Cu
High-copper alloys(d) C81400-C82800 =04% Cu
Red and leaded red brasses C83300-C83810 Cu-Sn-Zn-Pb (82-94% Cu)
Semi-red and leaded semi-red brasses C84200-C84800 Cu-Sn-Zn-Pb (75-82% Cu)
Yellow and leaded yellow brasses C85200-C85800 Cu-Zn-Pb
Manganese bronzes and leaded manganese bronzesie) C86100-C86800 Cu-Zn-Mn-Fe-Pb
Silicon brasses/bronzes C87300-C87800 Cu-Zn-5i
Copper-bismuth and copper-bismuth-selenium alloys C89320-C89940 Cu-Sn-Zn-Bi-Se
Tin bronzes C90200-C91700 Cu-5n-Zn
Leaded tin bronzes C92200-C54500 Cu-Sn-Zn-Pb
Nickel-tin bronzes C94700-C94900 Cu-Ni-Sn-Zn-Pb
Aluminum bronzes C95200-C95900 Cu-Al-Fe-Ni
Copper nickels C96200-C96950 Cu-Ni-Fe
Nickel silvers C97300-C97800 Cu-Ni-Zn-Pb-Sn
Leaded coppers C98200-C98840 Cu-Pb
Special alloys C99300-Co9750 Cu-Zn-Mn-Al-Fe-Co-5n-Pb

2.2 Copper Alloysand Their Limits

In alloy system, the material can be strengthened by solid solution strengthening,

precipitate strengthening, spinodal strengthening, and strain hardening.

2.2.1 Solid Solution Strengthening

For solid solution strengthening, as solute atoms distort the lattice of copper, the electrical

conductivity will be significantly decreased due to the increased scattering of electrons. Effects of

alloying elements on the conductivity of pure copper are further illustrated in Figure 2-1 [5]. As



shown in Figure 2-1, Ti, P, and Fe show very detrimental effectswhile Cd, Ag, and Zn have milder

effectson conductivity.
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Figure 2-1 Effect of alloying element contents on the electrical conductivity of copper [5]

2.2.2 Precipitation Strengthening

Elements that have a low room temperature solubility to copper and forms a solid solution
at high temperature are added to the metal matrix. After it is subjected to solution heat treatment
and an aging treatment, the material is hardened and electrical conductivity is increased. The
principles of precipitation hardening processing are shown in Figure 2-2 [7].

The major precipitate hardened copper alloy systems include: Cu-Cr, Cu-Be, Cu-Fe-P, Cu-
Ni-Si, Cu-Zr, Cu-Cr-Zr, Cu-Cr-Nb.

The disadvantages of precipitates hardened alloys should also be considered. Firstly, at
high temperatures, the Cu alloys will soften due to the dealloying or coarsening of the
strengthening precipitates [8]. Secondly, the amount of precipitates is dictated by phase diagrams

(e.g., not to exceed point M in Figure 2-2a), which puts a limit on achieving a sufficient volume
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fraction of the strengthening phase. Moreover, it is hard to precipitate all the alloying elements out
of the solid solution, which will be detrimental to the electrical/thermal conductivity. Thirdly, in
order toproduce the well-dispersed fine precipitates, several steps of thermomechanical processing

are often needed.

Solution heat
treatment

- Quench

Precipitation
heat treatment

Temperature

a+f

Temperature

‘T B Time
Ce

Composition (wt% B)

Figure 2-2 Principles of precipitation hardening processing: (a) phase diagram; (b) heat treatment

routes

2.2.3 Spinodal Hardening
Alloys in the Cu-Ni-Sn system in the range of Cu-4Ni-4Sn to Cu-15Ni-8Sn exhibit
spinodal decomposition [5]. Spinodal hardening is similar to precipitation hardening except that

one phase decomposes into two coherent phases without a nucleation barrier.

2.2.4 Currently Available High-strength High-conductivity Cu Alloys

Currently available high strength high-conductivity copper alloys are shown in Table 2-3
[9]. The desired property such as 600 MPa in tensile strength, 80% IACS in electrical conductivity,
and 10% in elongation is not achieved yet.

Table 2-3 Compositions and properties of high-strength high-conductivity Cu alloys



Ultimate Electrical Thermal

Materials Composition Tensile conductivity ~ conductivity Elor:ganon

stength (MPa)  (IACS,%)  (wem'k) 0

Cu-2.35Fe-0.12Zn-0.03P 362-568 55-65 262 4-5
Cu-Fe Cu-1.5Fe-0.8Co-0.6Sn-0.05P 360-670 50 197 3-13
Cu-0.6Fe-0.2P-0.04Mg 380-500 80 173 2-10
Cu-0.1Fe-0.034P 294-412 920 364 5-10

Cu-Cr Cu-0.3Cr-0.1Zr-0.05Mg 590 82 301 8
Cu-0.3Cr-0.255n-0.2Zn 560 75 301 13
Cu-3.2Ni-0.7Si-0.3Zn 490-588 40 220 8-15

Cu-Ni-Si Cu-3.2Ni-0.7Si-1.255n-0.3Zn 667 35 N/A 9
Cu-3.0Ni-0.6Si-0.1Mg 585-690 35-40 147-190 2-6

Cu-Sn Cu-2Sn-0.2Ni-0.05P 490-588 35 155 9
Others Cu-0.1Zr 294-490 95 360 3-21
Cu-0.11A0-0.06P 275-550 86 345 3-40

2.3 Approaches for Copper to Achieve High-strength High-conductivity

2.3.1 Severe Plastic Deformation

Severe plastic deformation (SPD) has been conducted on copper to induce an ultrafine
grain structure and lead to a significant strengthening without decreasing its electrical/thermal
conductivity much. It was reported that a deoxidized low phosphorous (DLP) processed by
accumulative roll-bonding (ARB) can have a yield strength of 472 MPa while possessing an
electrical conductivity larger than 74% IACS [10]. Cu/Nb composites fabricated by bounding and
drawing showed that the ultimate tensile strength reached 1 GPa while the electrical conductivity
was higher than 70%IACS at room temperature [11]. Cu/Nb nanostructured multilayers were also
fabricated by accumulative roll-bonding (ARB) [12]. The microstructure is shown in Figure 2-3
[12]. However, after SPD processing, the ductility of the samples also dropped significantly, and

the anisotropy of properties remains an issue. Besides, the SPD processing is hard to scale up.
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Figure 2-3 Micorstructure of Cu/Nb multilayers fabricated by accumulative roll-bonding
For Cu-Ag alloys, drawing (although not to the amount of deformation compared to SPD)
was applied to refine the microstructure, The intermediate-heat-treated Cu-16 at%Ag with 99%
reduction in area had an ultimate tensile strength of 1000 MPa and an electrical conductivity of

80% IACS at room temperature [13]

2.3.2 Rapid Cooling

(1) Rapid cooling to form in situ nanoparticles through reaction in molten metal

A copper matrix composite reinforced by turbulent in situ TiB2 nanoparticle was prepared
through the reactions of boron and titanium under rapid cooling [14]. By doing so, the size of TiB2
particles was reduced to ~50 nm, as shown in Figure 2-4 [14]. This composite showed a very high
performance: 5.2 GPa hardness and 78% IACS when the wheel speed of the cooling system was

4000 rpm.
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Figure 2-4 Micorstructure of Cu/TiB2 nanocomposites fabricated by turbulent in situ mixing

(2) Rapid cooling to form fine second phase directly from molten alloy through phase

transformation

2200 ! L L !
L.
L1 + CraubC14)
2000 1
1800
L1 = CrANBC15)
L1+ L2+ Cr2NnC15)
et
o 1600 = L2 + CEENBICIS)
=]
=+
d 12 + Cr2NBIC 15) = (Cu)
2 1400 o
E ([ELT]
= Ref. [9] I Ly
& smgle phase | I-IIH-u_\_‘-‘-\-‘-‘-\-""‘_\_\_
1200 T e
8 i, aama
i 1 ey @ aEa
COONBCIS +iCuy §
10y = jo0] Cemmcis u...'::'. :
L 1L}
p.CH] T T T T
Cr2Nh 200 L] 1] R0 Cu
Cu /wi.%

Figure 2-5 Pseudo-binary Phase diagram of Cu-Cr2Nb
During manufacturing of the Cu-8 at.% Cr-4 at.% Nb alloy, chill block melt spinning
(CBMS) had to be used to allow the formation of fine Cr2NDb particles directly from the melt, as
shown in Figure 2-5 [15] by the red arrow in the phase diagram. By rapid solidification, CroNb
particle size was reduced to submicron compared to hundreds of microns for a regularly cooled
sample, as shown in Figure 2-6.
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Figure 2-6 Micorstructure of Cu-Cr-Nb alloy: (a) regularly cast; (b) P/M from rapidly cooled

powders

2.3.3 Nano-twinned Copper

Ultrahigh strength and high electrical conductivity copper was achieved by inducing a high
density of nanoscale growth twins [16]. They showed a tensile strength about 10 times higher than
that of conventional coarse-grained copper, while retaining an electrical conductivity comparable
to that of pure copper, as shown in Figure 2-7. The ultrahigh strength originates from the effective
blockage of dislocation motion by numerous coherent twin boundaries that possess an extremely
low electrical resistivity, which is not the case for other types of grain boundaries. However, the

fabrication method, i.e., electrodeposition, severely limits the sample size.
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Figure 2-7 Tensile and electrical properties of nano-twin Cu, nc Cu, and coarse-grained Cu
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2.4 Nanoparticles Self-dispersion and Stabilization Theory in Molten Metals

In 2015, a breakthrough in discovering a thermally-activated nanoparticle self-dispersion
and stabilization mechanism in molten metals, which was published in Nature [17], was made to
enable a major advance in solidification processing of Super Metals, defined as metals with
populous dispersed nanoparticles offering unprecedented mechanical properties/performance (e.g.,
strength, ductility, stiffness, wear resistance, and creep resistance), thermophysical properties, and
SO on.

In this theory, three interactions between nanoparticles were considered, i.e., interfacial
energy (short-range), Van der Waals potential (long-range), Brownian motion energy.
Nanoparticles can be self-dispersed and stabilized by a synergy of reduced Van der Waals forces
between nanoparticles to reduce attraction, high thermal energy of the nanoparticles for them to
disperse, and a high energy barrier preventing them from sintering, as shown in Figure 2-8.

The Van der Waals attractions between two nanoparticles can be estimated by Equation 2-

W =_ (VAvp—yAuquia)® R
6 D

dw = Equation 2-1
where D is the distance in nm between nanoparticles, A is the Hamaker constant, R is the

nanoparticle radius. As shown in Eq. 2.1, when the Hamaker constants of the nanoparticles and

the molten metal are close, W,,,, can be reduced. Also, reducing R will also reduce Vander Waals
attraction. Eq. is only effective when D is larger than two atomic layers of molten metal.

The thermal energy for Brownian motion of nanoparticles can be estimated by Equation 2-

E, = kT Equation 2-2
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where k is Boltzmann constant, T is absolute temperature. At high temperature, it is possible for
the Brownian motion energy to be larger than Van der Waals potential, so that nanoparticles can
break away from the attraction and thus disperse.

At high temperatures, nanoparticles may contact and sinter together, driven by the
reduction of interfacial energy. When the separation between two nanoparticles is smaller than one
atomic layer of molten metal, the molten metal will be squeezed out. Therefore, the nanoparticle—
molten metal interface will be replaced by the nanoparticle surfaces. The interfacial energy
increase will be given by Equation 2-3.

Wyarrier = S(Onp =~ Onp—iiquia) = SOiiquia €05 6 Equation 2-3
where S is the effective area, oy, is the surface energy of the nanoparticles, oyp_;i44iq 1S the
interfacial energy between the nanoparticle and molten metal, 6 is the contact angle of molten
metal on the nanoparticle surface. It suggests that the smaller the wetting angle (8), the larger the
energy barrier preventing the nanoparticles from sintering together.

What can be learned from this theory is that to achieve good dispersion and distribution of
nanoparticles in molten metals, nanoparticle size and the wetting angle between nanoparticle and
the molten metal should be small. This provides a solid theoretical foundation to guide us on the

matrix metal-reinforcement nanoparticle selection for further experimental studies.
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Figure 2-8 The principle of self-dispersion and stabilization of nanoparticles in molten metals

2.5 Nanoparticles Enabled Enhancement of Mechanical Properties

2.5.1 Orowan Strengthening

The strength of material relies on to what degree it resists the movement of dislocation.
Nanoparticles can impede dislocation motion, thereby increasing the strength of the material.
There are two ways that dislocations can bypass the nanoparticle obstacles, i.e., cutting through
them or bowing/looping around them. As for nanocomposites, where nanoparticles often have
different crystal structure from the matrix and also the size of nanoparticles exceeds 5-30 nm, the
nanoparticles are more likely to be non-deformable. Therefore, dislocations usually bypass
nanoparticles by the Orowan looping mechanism. The increase in yield strength caused by Orowan

strengthening of dispersed nanoparticles is given by Equation 2-4.

1/3 _
AGyroman = “’z’:b (ﬂ;ﬂ) Equation 2-4

16



where G,,, b, V,,, and d,, are the shear modulus of the matrix, the Burgers vector, the
volume fraction, and the size of the nanoparticles. ¢ is constant. As shown in Eq. 1, the more

prominent Orowan strengthening effect arises from smaller nanoparticle size and larger

nanoparticle volume fraction.

2.5.2 Load Bearing

When the composite is loaded, the load can be transferred from the matrix through the
matrix-reinforcement interface to the harder and stiffer reinforcements, meaning the
reinforcements can bear more load. While particles can be different from fibers in terms of bearing
load, a modified shear-lag model was proposed by Nardone and Prewo to address the particulate
materiasl. When the reinforcement particles are equiaxed, the strengthening can be estimated by
Equation 2-5 [18].

Ao g = %V o; Equation 2-5

p-i

where V,, is particle volume fraction, g; is the strength of the interfacial bonding. A strong

interfacial bonding is essential to achieve the load bearing effect.

2.5.3 Hall-Petch Effect

Grain boundaries can be effective barriers to dislocation motion. The efficacy of the
strengthening effect induced by grain boundaries increases with the angle of misorientation. As
grain size becomes smaller, there will be more grain boundaries to impede dislocation slips,
resulting in greater strengthening, which is known as the famous Hall-Petch effect. The increase

in yield strength due to Hall-Petch effect can be calculated by Equation 2-6 [19].
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-k __k ion 2-
Ao, = T Equation 2-6

where k is a constant, d is grain size of the matrix after nanoparticle addition, d,, is the
original grain size of the matrix.
It should be noted that Eq. 2.6 may not be valid when the grain size goes under 10s nm as

grain boundary rotation becomes the major mechanism for deformation, causing the reverse Hall-

Petch effect.

2.5.4 Sum of the Strengthening Effects
The total strength of the composite can be calculated by simply addingall the strengthening
effects together as shown in Equation 2-7 [20].
0. =0, + X;Ac; Equation 2-7
where o, is the yield strength of the composite, a,,, is the yield strength of the unreinforced
matrix, Ag; is the individual strengthening effect.

Some other studies suggested other approaches to calculate o, considering the

superposition of the strengthening effects. One example is shown in Equation 2-8 [20].

o, = 0y + |3 A0, Equation 2-8

2.6 Nanoparticles Enabled Grain Refinement

The importance of grain refining has long been recognized in casting. Among the benefits
of a fine-grain microstructure are enhanced mechanical properties, reduced anisotropy, improved

distribution of the second phase, and shorten homogenization time for alloys.
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The main mechanisms of nanoparticle enabled grain refinement include nanoparticle
enabled effective nucleation and growth restriction.

Inaddition, in the solid state, the dispersed nanoparticles can impede the grain growth due
to the Zener pinning effect. Maximum mean grain size can be theoretically estimated by Equation
2-9.

4r

=— Equation 2-9

max 3 fv

where r is the nanoparticle radius and fy is the volume fraction of the nanoparticles.
During solidification, it is known that heterogeneous sites, e.g., inclusions and mold wall,
can decrease the nucleation energy barrier, thereby increasing the nucleation rate. The volume rate

of heterogeneous nucleation can be calculated as Equation 2-10.

Npee = fCexp (= A—Gi‘l,gﬂ) Equation 2-10

where f denotes the rate that each nucleus can be made supercritical, C is the number of
atoms in contact with heterogeneous nucleation sites per unit volume, AGj; ., is the activation
energy barrier against homogeneous nucleation, k is Boltzmann’s constant, T is absolute
temperature, 6 is given by the condition that the interfacial tensions balance as shown in Figure 2-
9, §(0) is a function of 8, which increases with increasing 6. It can be seen from Equation 2-10
that nanoparticles that have large surface areas and wet the metal well will have a larger C value

and smaller S(6) value. Therefore, nanoparticles will promote the nucleation of the metals.
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Figure 2-9 Heterogeneous nucleation of a solid from a liquid

According to the theory of heterogeneous nucleation mentioned above, the grain
refinement potency of inoculant nanoparticles depends on the wetting angle. Low values of 6 are
favored by a low energy interface between the inoculant and solid nucleus. Thus, in general, a
better lattice matching between the particle and the solid suggests higher grain refinement potency.
However, other factors, e.g., surface roughness and surface segregation, also contribute to the
effectiveness. In addition, the nanoparticles should not agglomerate or float. To achieve a fine
grain size, the concentration of the nucleating agents is also important.

Al-5Ti-1B master alloy is widely used in the aluminum industry as inoculants. The
adsorption of Al3Ti on the TiB2 particle promotes the heterogeneous nucleation of Al grain on the
TiB2 particle and thereby enhances the grain refinement potency of the TiB2 particle [21,22]. The
grain size achievable by inoculation can only be down to tens of micrometers in common
solidification practice [23].

Grain refining via peritectic reaction is another well-known technique employed especially
for aluminum alloys. The grain refining effects on copper by the addition of iron and
electromagnetic stirring was studied [24]. It was found that in the hypoperitectic region, the
refinement mechanism was due to the solute build-up ahead of the interface. In the hyperperitectic
region, the mechanism can be attributed to either the growth restrictive nature of the peritectic
reaction or the presence of iron primaries.

It was reported that trace amount modified SiC nanoparticles (0.05 wt.%) coupled with
electromagnetic stirring (EMS) remarkably refined CuNiioFeiMn alloy grain from 2.15mm to
0.52mm [25]. The original inhomogeneous coarse equiaxed and columnar crystal macrostructure

developed into homogeneous refined equiaxed crystal macrostructure. However, as they directly

20



wrap the nanoparticles and put them in the mold, the amount of nanoparticles that could be loaded

into the alloy was small, which limited the refining effect.
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Figure 2-10 Cooling curves of the AA2024 and AA2024 MBO from (a) 635-630 <C; (b) 500-
460 <

The grain refinement in the MBO whisker (Mg2B20s) reinforced AA2024 matrix
composite and the solidification behavior was studied. MBO reduced the primary o-Al phase grain
size from 116 umto 82 pum by restricting its growth. MBO also served as heterogeneous nucleation
sites for the eutectic phase due to the good lattice match although no obvious refinement of the
eutectic phase was found. As shown in Figure 2-10, the nucleation behavior was indicated by the
cooling curves. While both AA2024 and MBO/AA2024 exhibited a clear supercooling (4.2 <C) as
the nucleation of the primary phase happened (Figure 2-10a), there was no supercooling observed

for the solidification of the eutectic phase in MBO/AA2024 composite (Figure 2-10b).
2.7 Nanoparticles Enabled Phase Modification

Incorporating nanoparticles can modify the phases in alloys. With proper phase

morphology control, the properties of the materials can be enhanced. However, in literature, the
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amount of nanoparticles that can be incorporated into the alloys were very low, which resulted in
very limited modification of the phases.

In eutectic systems where one phase solidifies in a faceted manner and the other nonfaceted,
e.g., Fe-C system and Al-Si system, the morphology of the faceted growing phase will be isolated
flakes or needles embedded in the matrix of the other phase, which will have detrimental effects
on mechanical properties. Therefore, the modification of this type of microstructure has drawn
much attention. Two ways were proposed to change the originally faceted growing phase from a
flake morphology to a fibrous morphology: 1) rapid cooling; 2) minor additions of a chemical
agent, e.g., sodium, sodium salts, strontium. Although the underlying mechanisms of how impurity
additions change the microstructure is still controversial, it has been discussed based on: 1) phase
equilibria; 2) different nucleation or growth kinetics [26]. For example, it was suggested that the
modification of Si phase in the Al-Si eutectic by the addition of sodium or sodium salts was due
to the increased supercooling, which led to a higher nucleation rate. It was also suggested that
sodium induced a high density of growth twins which would not found in the pure Al-Si alloy [26].

The nanoparticle-induced nucleation of eutectic silicon in hypoeutectic Al-Si alloy was
investigated [27]. TiCo.sNo.5 ceramic nanoparticle has a favorable crystallographic matching with
Si, and thus can act as a desirable nucleating particle. The addition of 1.5 vol.% TiCo.5Nos
nanoparticles reduced the eutectic grain size from 1416 um to 328 um and also reduced the cellular
substructure of the eutectic grains from ~28 um to 8.5 um. As shown in Figure 2-11 [27], eutectic
Si particles in the nanocomposites also had smaller fiber spacings and were denser within each
eutectic cell. Besides, the morphology of the Si particles also evolved into more granular with a

smaller aspect ratio.
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Si particle

Figure 2-11 SEM npictures of eutectic phase in (a-b) matrix alloy; (c-d) alloy with 1.5 vol.%

nanoparticles

The heterogeneous nucleation of primary Si and eutectic Si by AIP addition in
hypereutectic Al-Si alloys were studied [28]. AIP particles significantly decreased the size of
primary Si as shown in Figure 2-12 [28]. While the direct nucleation of eutectic Si on Al does not
occur in the alloy without nanoparticle addition, it was found that the AIP nanoparticles formed on
the surface of Al matrix, and subsequently acted as an efficient heterogeneous nucleation site for

eutectic Si.

Figure 2-12 Optical images of Al-18Si (a) without and (b) with 0.03 P; (c) High resolution

HAADF STEM image of the Al-Si interface in (b)
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The effects of mischmetal additions on the microstructure of an in situ Al-15 wt.% Mg2Si
composite were investigated [29]. The pseudo-binary phase diagram of the Al-Mg2Si is shown in
Figure 2-13a [29]. The in situ composite without mischmetal addition had a low ductility because
of the large Mg2Si particle size and the brittle eutectic matrix. It was concluded that with
mischmetal addition, the size of the primary Mg2Si particles was considerably reduced, and that
the pseudo-eutectic Mg2Si was changed from a fibrous morphology to a flake-like morphology,
showing a divorced character, as shown in Figure 2-13b.

The microstructural modification effects of SiC nanoparticles (0.7 wt.%) on Sn-3.0Ag-
0.5Cu (SAC305) solder alloys were studied [30]. The purpose of adding nanoparticles to this
solder alloy is to refine the primary -Sn dendritesand increase the fraction of fine eutectic in the

as-solidified alloy. The results clearly showed that the microstructure was significantly refined.
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Figure 2-13. (a) Phase diagram of Al-Mg2Si; (b) pseudo-eutectic matrix in AI-Mg2Si composites

with increasing mischmetal additions
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2.8 Effects of Nanoparticles on Electrical/Thermal Properties and Others

Most metals are extremely good conductors, because of the large number of free electrons.
The total resistivity of a metal is the sum of the contributions from thermal vibrations, impurities,
and plastic deformation, which act independently of one another. The incorporation of
nanoparticles into metals can increase the scattering of the electrons at the nanoparticle-metal
interfaces, decreasing the electrical conductivity. Different nanoparticles will play a different role
in determining the electrical property. Yang et al. [31] reported that with up to 10 wt. % SWCNT
addition, the electrical resistivity of Cu-CNT composites remains the same as that of pure Cu.
When Cu-Al203 (of 10~150 nm) nanocomposite was obtained by thermochemical process, the
electrical conductivity sees a clear drop of 5~10%, even only 1~4 vol.% Al>O3 nanoparticle is
incorporated [32,33].

Heat is conducted by electrons and phonons in materials. The presence of nanoparticles in
metals results in the scattering of electrons and phonons. This scattering of electrons and phonon
results in a reduction of the thermal conductivity. On the other hand, the nanoparticle structure
and interaction with the metal matrix may tune the heat transport modes. If the directional thermal
transport is achieved, the thermal conductivity can be escalated, due to the reduction of scattering.
Moreover, it was also shown that the nanoparticles can increase the thermal conductivity of the
matrix if the nanoparticles themselves have higher carrier (electrons and holes) concentration than
the base matrix. This higher carrier concentration enhances the electronic thermal conductivity and
aids in improving the effective thermal conductivity of the matrix [34]. Therefore, the change of
thermal conductivity in nanocomposites is a function of not just the concentration of the

nanoparticles, but also the type and properties of the nanoparticles. It was reported that phase-
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change Bi nanoparticles embedded in an Ag matrix showed tunable melting temperature and high
thermal conductivity for phase-change thermal storage [35].

Nanoparticles could also work as interfacial energy modifier. Basic mechanism is
nanoparticles assemble at the interface boundary and thereby modify the interfacial energy
between the two phases. Surfactants are frequently used in nanostructure synthesis for phase
control, as the surfactants effectively tune the interfacial energy between different phases. With
suitable nanoparticles, they could also self-assemble to the interface and modify the interfacial
energy. Viscosity is a crucial parameter during material processing and nanoparticles could
increase viscosity significantly. Therefore, nanoparticles could work as a powerful tool for
material properties improvement.

Nanocomposites are also very useful for magnetic applications such as magnetic recording.
Typically, these nanocomposites are composed of nanoscale hard magnetic particles, embedded in
a soft magnetic nanocrystalline phase, such as ferrite and FesPt. These hard and soft magnetic
phases interact magnetically, combining the best properties of a soft magnetic phase as the high
saturation magnetization and that of a hard phase for the high coercive field. For the interaction to
occur and exert its coupling effect, the two phases must be at the nanoscale. Nanocomposites
materials exhibit high remanence (magnetization that is left behind after the magnetic field has
been removed) and high magnetic energy (as high as 200 kJ/m3). This effect is strongly dependent

on the size of particles as well as the volume fraction and distribution of each phase.

2.9 Processing of Metals with Nanoparticles

As mentioned above, nanoparticles have several positive effects that can be utilized to

achieve unprecedented properties of metals. However, torealize that, proper processing techniques
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to incorporate and disperse nanoparticles in metal matrices is very important., as well as the
capability to control the particle size and volume fraction. Due to their high surface area,
nanoparticles tend to agglomerate and form clusters, which to a certain degree will deteriorate the
properties of the composites. For this reason, the incorporation and dispersion of nanoparticles
are both challenging, since the former faces nanoparticle ignition or reaction and the latter faces
nanoparticle agglomeration and growth.

In general, the nanoparticles in metals can be formed in situ or ex situ. For the in situ
methods, reinforcement nanoparticles are formed in metals through phase transformation, or by
chemical reactions. For the ex situ methods, reinforcement nanoparticles are directly added to
powdered metal or into molten metal.

Typically powder metallurgy, deformation processing, vapor phase processing, and in
some cases solidification processing is used to process metal matrix composites. Powder
metallurgy is the process of blending fine powdered materials, pressing them into a desired shape
or form (compacting), and then heating the compressed material in a controlled atmosphere to
bond the material (sintering). Deformation process such as Severe Plastic Deformation (SPD)
applies high rate deformation in metal matrix to produce nanosized grains and in some cases to
obtain the nanoparticles into the metal matrix. VVapor phase processing methods such as chemical
vapor deposition (CVD) can be used to deposit thin films creating dispersed multiphase
microstructures, multilayered microstructures, or homogeneous nanostructured coatings. Notably,
each of these methods can fabricate desirable metal matrix nanocomposites under certain
circumstances, but the cost is too high and it’s hard to manufacture bulk materials on a large scale.

Rapid solidification through methods such as melt spinning (a liquid metal stream is

impinged on a spinning cold copper drum), or spray atomization (a superheated liquid metal is
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atomized with gas jets and impinged on a cold substrate) can lead to nanosized grains as well as
nanosized second phase particles.

Mixing techniques involve adding particulate reinforcements and mechanically dispersing
them in the matrix. Mixing methods that have been applied to synthesize metal matrix
nanocomposites include stir mixing, where a high-temperature impeller is used to stir a melt that
contains reinforcements, and ultrasonic mixing, where an ultrasonic horn is used to create
cavitation in the melt that disperses the particulate reinforcements by an acoustic streaming effect
that occurs through the cavitation of bubbles within the melt. During solidification, some
nanoparticles are pushed to grain boundaries. Chen et al. [36] used a solid-state stirring to further
incorporate nanoparticles into grains.

Infiltration techniques entail infiltrating a preform or partial matrix containing the
reinforcements with a liquid metal. The preform consists of particles formed in a particular shape
with some binding agent. Infiltration methodsinclude ultra-high pressure, where the pressure used
to infiltrate a high-density preform of nanoparticles is over 1 Gpa, and pressureless infiltration,
where a block of metal is melted on top of a lower density preform of nanoparticles and allowed
to seep into the preform [37].

For Cu/WC system, Wang et al. [38] reported that by powder metallurgy WC particles
agglomerated obviously in Cu matrix even when WC volume percentage is only 2%, making its
hardness smaller than the Cu/1.6 vol.% counterpart. Other methods were adopted to fabricated
Cu/WC composites, too. Khosravi et al. [39] reported that Cu/WC composites were prepared by
friction stir processing. However, this method requires several mechanical processing steps and
confines the shape complexity of the samples. Besides, Yang et al. [40] reported that W-Cu alloy

reinforced by WC particles were fabricated by the infiltration method. Similar to powder
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metallurgy, excess addition (larger than 1.5 vol.% WC) leads to an obvious decrease in hardness.
Gu et al. [41] reported that WC—Co particulate reinforced Cu matrix composites can be prepared
by direct laser sintering, for which, however, using a high reinforcement content of 40 wt.% leads
to a heterogeneous microstructure with a significant aggregation of the reinforcing particulates
because of a limited liquid formation and the resultant high liquid viscosity and reduced Marangoni
effect.

Among these processing methods, the least expensive method for the production of bulk

metals with nanoparticles is solidification processing under regular cooling.

2.10 Synthesis of Nano-scaled Metal Borides

Various methods have been proposed aiming to fabricate nanoscaled metal borides. They
can be divided into two categories: top-down method and bottom-up method.

For the top-down method, for example, superconductive MgB2 nanowires were fabricated
from MgB: thin film by means of standard electron beam lithography (EBL) coupled with Ar
milling and standard photolithography [42]. However, the top-down method is expensive and has
a very small yield, which may be suitable for applications like electronic devices, but not suitable
for mass production such as metal matrix nanocomposites.

More researches have been conducted aiming to fabricate nanoscaled metal borides using
the bottom-up method, i.e., reactions between boron and metal precursors. Several methods have
been proposed and various boron precursors can be used, which will be discussed in detail below

[43].
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2.10.1 Boron Sources
There is a vast variety of boron precursors for metal boride synthesis. Classified by

composition, there are: boron-metal alloys, elemental boron, boranes, borohydrides, boron halide,

boron-oxygen compounds, and molecular single source.

2.10.2 Methods
(1) Deposition from a reactive vapor phase

Deposition from a reactive vapor phase, e.g., CVD, HPCVD, PLD, is one of the bottom-
up methods. It wasn’t until recently that CVD was the only efficient way to fabricate nanoscaled
metal borides. This method has been extensively used to fabricate nanowires of metal borides and
MgB: superconducting nanostructures.
(2) Solid state synthesis

Solid state synthesis can also generate nanoscaled metal borides. Itcan furtherbe classified
into three methods, which include reduction of nanostructured metal oxides, solid state reactions
under autogenous pressure (SRAPET), and mechanosynthesis.
(3) Preceramic routes

The reduction of metal and boron oxides by C or B4C has been known for a long time for
the production of bulk metal borides. To reduce the particle size, the methods were modified. For
example, using nanosized metal oxide particles combined with ball milling. The preceramic routes
can be further classified into 3 categories: 1): carboreduction in physical mixtures of metal oxide,
boron oxide or boric acid, and carbon; 2) carboreduction in mixtures of metal oxides and Boron-

containing polymers; 3) carboreduction in metal and boron hybrid oxo-gels. These methods were
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named preceramic routes because they involve the preliminary formation of a ground oxidation
state metal-boron mixture at the solid state or as a gel.
(4) Liquid phase synthesis in high temperature flux (> 1000 <C)

Molten metal has been used for the fabrication of metal borides. 20 nm TiB2 nanoparticles
were precipitated in molten copper through in situ reaction and rapid solid ification [44]. Copper
can be further removed to produce pure metal borides.

(5) Liquid phase synthesis under autogenous pressure

Liquid phase synthesis refers to using liquid solvents (molten salts or organic solvents), or
liquid reactants for the synthesis of metal borides. Liquid phase synthesis usually relies on elevated
temperatures. However, the liquid solvent or reactants will also have a high vapor pressure under
these conditions. Using closed vessels can help in terms of reducing evaporation, triggering
reaction, improving yield, and crystallinity.

Molten salts for liquid-phase synthesis:

Bulk metal borides were fabricated by electrochemical synthesis from molten salts [45].
For example, electrolysis was performed on a fused mixture of magnesium chloride, potassium
chloride, and magnesium borate at 600 <C under Ar atmosphere using a graphite anode and a Pt
cathode, resulting in MgB:2 deposit on the cathode [42].

Recently, molten salts have been mused as a flux for the synthesis of nanoscaled metal
borides in an autoclave. It was also reported that molten salt can mediate magnesiothermic
reduction in order to fabricate nanoscaled metal borides at a low temperature [46]. For example,
molten NaCl/MgCl. mixture was used for fabrication of 30-nm NbB2 with niobium pentoxide and
boric acid as precursors and magnesium as a reductant at 650 <C for 10 h [46].

Organic solvents for liquid-phase synthesis:

31



Inaddition to molten salts, organic solvents have been used for boride synthesis. Benzene
was used as the medium to fabricate TiB2 nanoparticles by reaction of metallic sodium with
titanium tetrachloride and amorphous boron at 400 <C in an autoclave [47]. However, partial
carbonization of benzene and incorporation of carbon in the final product can be an issue for this
method.

Liquid reactants:

The reactants can be in a liquid phase. Liquid TiCls and solid NaBH4 were heated up to
above 500 °C in an autoclave for reaction into TiB2 nanoparticles [48]. Except for the physical
state of the reactants, the experimental procedure is similar to that of solid state reactions under
autogenic pressure.

(6) Low temperature and atmospheric pressure colloidal synthesis

Although liquid phase synthesis of metal borides in molten salts have shown success, it
requires sealed containers. Recent researches have shown success to fabricate nanoscaled metal
borides under atmospheric pressure with special salt melts as solvents, which will produce metal
borides in the range of 5-10 nm, or with an organic solvent, which will produce metal borides of
around 100 nm.

Eutectic LICI/KCI is water-soluble and has a low melting point of 355 °C. More
importantly, its vaporization rate is low up to 900 °C [49], which makes it suitable as solvents for
atmospheric pressure synthesis for which the reaction temperature is below 900 °C. With solid
metal chlorides as metal precursors and sodium borohydride as the boron source and reductant in
LiCI/KCI eutectic molten salt, various metal borides (HfB2, CeBs, MoB4, FeB, Mn2B, etc.) were
synthesized at temperatures between 700-900 °C [50]. For NbB2, by increasing the Boron

precursor content, NbB: particle size decreased from 10 nm to 5 nm.
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Figure 2-14 illustrates the typical processing temperature and the resultant metal borides
particle size of different bottom-up synthesis techniques [43]. Only one method, namely colloidal
synthesis in salt melts can achieve the goal of sub 10 nm nanoparticles. Besides, Also, to
subjectively tune particle size, only CVD, precipitation of amorphous nanoparticles, and colloidal

synthesis in molten salts can achieve size control.

Size A SRAPET": transition metals
(nm) SRAPET?: rare earth metals, Mg-assisted
SRAPET? SRAPET?: NaBH4/Mg-assisted
300 Mechano- SRAPET*: NaBH4/Mg-I2-assisted
synthesis
&
“ Decomposition of Preceramic routes
metal borohydrides
100
90
Amorphous SRAPET!
80 | phases -
Organic solvents
70 Colloidal autogeneous pressure metal—gsglyzed
synthesis Colloidal synthesis
60 inywater or inorganic solvent PLD and HPCVD (1D nanostructures)
50 | organic (MgB;)
solvents
40
SRAPET* Vapor-solid reactions
30 (MgB,) Borothermal
Mechano- Salt melts % reduction
20 |synthesis autogeneous Colloidal
NaBH, pressure synthesis Metal flux
10 and in salt melts
0 SRAPET?

©°
Q \QQ 'LQQ ,ng b‘QQ ‘_)QQ QQQ ,\QQ %QQ QQQ;\QQQ\'\QQ\'LQQ(Q)“Q\LQQ\‘QQQ T (°C)

[] Reactions with reactive vapor phases

[] Reactions under pressure (solid state or liquid state)

[[] Solid state reactions at atmospheric pressure

[] Liquid phase reactions at high temperature

[] Liquid phase synthesis of nanocrystals at atmospheric pressure

[] Liquid phase synthesis of amorphous nanoparticles at atmospheric pressure

Figure 2-14 Comparison in aspects of processing temperature and nanoparticle size for different

metal boride synthesis methods
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Chapter 3 Fabrication of Cu Containing Dispersed Nanoparticles and the
Property Enhancement

The incorporation and dispersion of nanoparticles into metals is crucial to study the
nanotechnology enabled metallurgy in Cu. Ex-situ processing methods were utilized to fabricate
Cu matrix nanocomposites containing a wide volume fraction range of well dispersed
nanoparticles [51,52]. The advantages of the ex-situ processing methods are the effective
nanoparticle incorporation, the good nanoparticle dispersion, and the versatility of nanoparticle
volume fractions. Cu/WC nanocomposites with a series of WC loadings were fabricated by the ex-
situ methods. Cu/WC nanocomposites with suitable WC contents can exhibit simultaneously
enhanced microhardness, strength, and Young’s modulus without significant degradation of the
electrical/thermal conductivity.

To enable the size control of the nanoparticles, novel in-situ synthesis of nanoparticles and
Cu matrix nanocomposites were also developed. In-situ Cu/W and Cu/TiB2 nanocomposites were
fabricated. The in-situ synthesis method can be utilized to fabricate metals reinforced by
nanoparticles through conventional casting using inexpensive raw materials, which also decreases
the nanoparticle size and expand the choices of nanoparticles for Cu/Cu alloys. Moreover, in-situ
fabrication of Cu/CrBx composites [53] and the synthesis of CrBx nanoparticles by
magnesiothermic reductions in molten salts and the subsequent incorporation into Cu [54] were

developed.
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3.1 High-performance Copper Reinforced with Dispersed WC Nanoparticles

3.1.1 Introduction

High performance copper (Cu)-based materials are needed for various industrial
applications [1], including high-speed railway contact wires [2], electric resistance welding
electrodes [3], lead frames [4], and rotors for electric motors [5]. Since pure Cu is very soft, it is
frequently alloyed with other elements for strengthening. However, it is difficult, if not impossible,
for Cu alloys to obtain a tensile strength higher than 600 MPa with a good ductility while
maintaining reasonable electrical and thermal conductivity [6]. Additionally, alloying does not
alter the Young’s modulus from pure Cu [7]. Furthermore, Cu alloys soften at elevated
temperatures due to dealloying or coarsening of the strengthening precipitates [8, 9].

Numerous efforts have been made to tackle these problems. For instance, severe plastic
deformation (SPD) has been used to increase the strength of Cu and its alloys [10]. However, this
approach also significantly decreased the ductility [11]. While nano-twinned copper shows high
strength and high electrical conductivity, the fabrication method (electrodeposition) remains an
obstacle for scale up production [12]. Rapid cooling (e.g. gas atomization, melt spinning, etc.) was
used to achieve high-strength Cu with high conductivity by obtaining a nanosized second phase
from molten Cu alloys through phase transformation [13], as well as by obtaining in situ
nanoparticles through reactions in molten Cu [14]. However, the rapid cooling method is limited
in the sample size and volume.

Incorporating a strengthening phase, e.g. ceramic nanoparticles, into copper toform a metal
matrix nanocomposite (MMNC) is one way to create high performance Cu-based materials [15].
One promising candidate of ceramic nanoparticles is tungsten carbide (WC). WC has a high

hardness (22 GPa) and high Young’s modulus (620-720 GPa) [16]. Additionally, the wetting
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between molten Cu and WC is very good with a low wetting angle less than 10at 1200<C [17],
beneficial for a good interfacial bonding between Cu and WC. Furthermore, there is no reaction
between Cu and WC, making it thermally stable in molten Cu [18].

Powder metallurgy was often used to fabricate MMNCs. However, the distribution and
dispersion of the nanofillers in MMNCs is highly dependent on the mechanical mixing. Itis hard
to obtain a uniform dispersion of the fillers in the matrices [19], as the particles tend to form
clusters due to their large surface area, which can negatively impact the properties of the resulting
nanocomposites. For instance, it was reported that the WC nanoparticles in Cu/WC
nanocomposites prepared by powder metallurgy agglomerated so severely in the Cu matrix that
the strength of the Cu/3 wt.% WC nanocomposite was even less than its Cu/2 wt.% WC counterpart
[20]. Consequently, the powder metallurgy method cannot be used to fabricate nanocomposites
with a high percentage of the strengthening phase for favorable properties.

Other methods have also been used to fabricate Cu/WC nanocomposites with limited
success. Cu/WC/graphene nanocomposites were produced by electrophoretic deposition [21].
However, this method is more suitable for producing films rather than bulk materials. Additionally,
Cu matrix composites with 40 wt.% WC—-Co submicron particles was processed by direct laser
sintering, but there were significant particulate aggregations due to a limited liquid formation and
high viscosity as well as a reduced Marangoni effect [22].

In this study, Cu matrix nanocomposite with dispersed WC nanoparticles was successfully
fabricated. Microstructure and properties including microhardness, yield strength, Young’s
modulus, electrical conductivity and thermal conductivity of the samples were investigated. Our
results showed that a uniform dispersion of dense WC nanoparticles in the Cu matrix is achieved.

A significant enhancement of hardness/strength and Young’s modulus is achieved while the

36



conductivities are maintained at reasonable levels. The new Cu/WC nanocomposites can offerhigh
performance for widespread applications. Moreover, the scalable manufacturing method can be
easily extended to fabricate Cu matrix nanocomposites with other suitable nanoparticles and

various nanoparticle loadings for industrial production.

3.1.2 Materials and Methods

(1) Molten-salt assisted self-incorporation

A scalable fabrication method, i.e., molten-salt assisted self-incorporation was utilized to
fabricate bulk Cu/WC nanocomposites. The schematic is shown in Figure 3-1. Pure copper was
first melted at 1200 <C and a mixture of WC nanoparticles (US Research Nanomaterials, 200 nm)
and KAIF4 powders by volume ratio of 1:9 mechanically mixed by a shaker (SK-O330-Pro) for 20
min was added to the top of the molten Cu with argon protection, which then stayed at 1200 <

for 30 min before cooling to room temperature in furnace.

|}

Cu melt —
pull

Figure 3-1 Schematic of molten-salt assisted self-incorporation method for fabrication of

Cu/WC nanocomposites

(2) Melting of nanocomposite micro-powders

As the WC volume fraction increases, the viscosity of molten Cuwith WC also increases,

which inevitably would trap some salt inside. When salt inclusion in the first method becomes an
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issue, the second method will be used, which is melting of nanocomposite micro-powders. Cu/WC
nanocomposites with high WC content (40 vol.% and 46 vol.%) were fabricated by a two-step
method as shown in Figure 3-2: (1) Cu micro-powders with dispersed WC nanoparticles were
fabricated by molten-salt-assisted self-incorporation of the nanoparticles; and (2) bulk
nanocomposites were produced by melting the powders under pressure after salt dissolving. More
specifically, to fabricate the designed Cu/40 vol.% WC micro-powders, pure Cu powders (Sigma-
Aldrich, <10 pm, 99%), WC nanoparticles (US Research Nanomaterials, average particle size

150-200 nm, 99.9%) and NaCl particles (Fisher Chemical, 99.5%) were mechanically mixed (1 :

%: 6 by volume ratio) via shaking (SK-0330-Pro) for 20 mins. The mixed powders were heated to

1200 <C at a heating rate of 80 <T/min in an induction heater under argon protection and held for
30 min before cooling in the furnace. Manual mixing using a graphite rod with applied. Then the
material underwent 3 rounds of soaking in DI water to fully dissolve NaCl before drying in a
vacuum drying oven. Bulk Cu/40 vol.% WC nanocomposite samples were fabricated by melting
the micro-powders at 1500 <T for 30 mins with a pressure of 7.5 MPa under argon protection.

Connected to
hydraulic press

<— Alumina rod
Graphite

Graphite crucible
crucible

Cu microparticle s, sest
. WC nanoparticle

""" Molten NaCl 20

‘ Graphite

disk

Induction
heater

Figure 3-2 Schematic of the two-step method for fabrication of Cu/WC nanocomposites
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The microstructure of both Cu micro-powders and bulk nanocomposites were examined
by scanning electron microscopy (SEM, ZEISS Supra 40VP). To reveal the WC nanoparticles, the
SEM samples for the bulk nanocomposite were cleaned by low-angle ion milling at 4<and 4.5 kV
for 3.5 h (Model PIPS 691, Gatan) following manual grinding and polishing. The SEM sample for
observing cross-sections of micro-powders was prepared by encapsulating a piece of solidified
NaCl and micro-powders using graphite-based conductive mounting powders (Allied, #155-
20015), followed by grinding and polishing. The micropillars for mechanical testing were
observed by dual-beam FIB-SEM (FEI Nova 600) with a tilted angle of 52<

Compression tests using an MTS nanoindenter with a strain rate of 5 x 1072 s~'and a 3
um compression depth limit at room temperature were conducted on micropillars (3-4 um in
diameter and 9-12 pum in length), which were machined by focused ion beam (FIB, FEI Nova 600)
from the bulk nanocomposites. The yield strength was obtained by an average of at least three
measurements. The Young’s modulus was measured by the same nanoindenter machine with a
Berkovich tip under the Young’s modulus measuring mode with an indent depth of 2 pum. The
microhardness was determined by a LM 800AT microhardness tester using a load of 200 gf with
a 10 s dwell time. Each Young’s modulus and microhardness data represents 10 measurements at
random spots at room temperature.

Thermal conductivity of the sample was measured by the laser flash method [23] at room
temperature. First, thermal diffusivity was calculated by Equation 3-1 based on the classic one-

dimensional heat diffusion.

0.13912
a =

Equation 3-1

tos

where ais the thermal diffusivity, L is the sample length, and ¢t, s is the time required for the

backside temperature of the sample to rise by half of the maximum temperature change. In this
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experiment, the sample length was set to be 2 cm with a cross-section of 2 mm >x2 mm. Finally,
the thermal conductivity was calculated by Equation 3-2.
k = apc, Equation 3-2

where k is the thermal conductivity, p is the density, and c,, is the specific heat. To obtain the
specific heat capacity value of the nanocomposite, the differential scanning calorimetry (DSC,
Perkin EImer DSC 8000) was used to experimentally measure the heat capacity at a temperature
scan rate of 10 <C/min. Electrical conductivity of the sample was measured on Prometrix Omnimap
RS-35 4 point probe at room temperature. Each conductivity data represents at least three

measurements.

3.1.3 Results and Discussion
(1) Molten-salt assisted self-incorporation

The microstructure of a Cu/WC nanocomposite fabricated by the molten-salt assisted self-
incorporation method is shown in Figure 3-3. It is shown that WC particles are also incorporated
into Cu matrices. The incorporation of WC particles into Cuis driven by the minimization of Gibbs
free energy. Figure 3-3b also demonstrates the well-dispersion of WC particles in the Cu matrix.
This fabrication method of nanocomposites via casting can meet the requirements of scalable

manufacturing of bulk metals with dispersed nanoparticles.
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Figure 3-3 Microstructure of Cu/14.7 vol.% WC fabricated by molten-salt assisted self-

incorporation at different magnifications

(2) Melting of nanocomposite micro-powders

The morphologies of as-received WC nanoparticles and Cu powders are shown in Figure
3-4. As shown in Figure 3-5, the Cu/WC nanocomposite micro-powders were created by the
molten-salt-assisted self-incorporation process. Cross-sections of the Cu/40 vol.% WC micro-
powders (Figures 3-5b) before NaCl dissolution show a dense and uniform distribution of WC
nanoparticles in the Cu matrix. The incorporation mechanism of WC nanoparticles into Cu is
discussed below. Qualitatively, WC is a metallic ceramic, which will tend to wet metals (metallic
bond) more than the salt (ionic bond) [24]. The good wettability between WC and molten Cu is
indicated by the low contact angle [17]. The interfacial energy of WC/molten Cu should be lower
than WC/molten NaCl. We have previously shown that nanoparticles preferentially stay at the
molten salt/metal interface, but when the nanoparticle volume percentage is high, the nanoparticles
are forced to migrate into the molten metal [24]. Moreover, molten salt acts as a protection layer

to reduce the oxidation of both WC nanoparticles and molten Cu. Molten salt can also partially
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dissolve metal oxides to enable direct contact between WC nanoparticles and molten Cu and

consequent incorporation of WC nanopatrticles into Cu.

Figure 3-5 SEM images of micro Cu/WC powders before NaCl dissolution: (a) cross-sections of
Cu/40 vol.% WC micro-powders in NaCl; (b) magnified image of boxed area in (a)
Microstructures of the bulk Cu/40 vol.% WC nanocomposite are shown in Figure 3-6. The

dense WC nanoparticles are uniformly distributed and well-dispersed/separated in the Cu matrix

instead of clustering even though the WC content is very high. Additionally, the bulk
nanocomposite is free of porosity, demonstrating the feasibility of producing bulk samples by
simply melting the nanocomposite micro-powders under low pressure. Histograms representing

the size distribution of WC nanoparticles (by image processing of Figure 3-6b) in Cu matrix are

42



shown in Figure 3-7. The average WC diameter in Cu matrix is 197.5 nm, which is close to the
original WC size (average particle size 150—200 nm). The mechanism for bulk material formation
from the initial nanocomposite micro-powders is inferred to be that, under the high temperature,
Cu from each powder diffuses to the powder’s surface and the applied pressure binds the powders
together. The reason the Cu/40 vol.% WC melt can sustain the pressure instead of being squeezed
out is that the viscosity of molten metals can be dramatically increased when nanoparticles are
incorporated, which is beneficial for the current method to form bulk nanocomposites. It was
reported that the dynamic viscosity f Ni/6.6 vol.% Al2O3 nanoparticles was ~4 times that of pure

Ni [25].

Figure 3-6 SEM images of the bulk Cu/40 vol.% WC nanocomposite at different magnifications
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Figure 3-7 Size distribution of WC nanoparticles in Cu matrix

The Cu/40 vol.% WC nanocomposite is expected to have excellent mechanical properties
due to the dense well-dispersed WC nanoparticles. To investigate the strength of the
nanocomposite, micropillar compression tests were conducted. A SEM image of one micropillar
is shown in Figure 6a. Whereas Figure 4 showed the microstructure of one plane, Figure 3-8a
shows that WC nanoparticles are globally well dispersed and distributed in the pillar.
Corresponding engineering stress-strain curve of the compression test is shown in Figure 3-8b.
The strain became discontinuous after 8.6%, indicating failure. The typical post-deformed pillar is
shown as the inset of Figure 3-8b. The average yield strength of the nanocomposite was
1020.74244.3 MPa with a uniform plasticity of more than 8%. The yield strength of the Cu/40

vol.% WC nanocomposite is much higher than most previously reported Cu alloys [6].
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Figure 3-8 Micropillar compression tests for Cu/40 vol.% WC nanocomposite sample: (a) SEM
image of one micropillar from Cu/40 vol.% WC nanocomposite; (b) engineering stress-strain
curve of the micropillar compression test with SEM image showing the post-deformed

micropillar as the inset
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The average microhardness of the bulk Cu/40 vol.% WC nanocomposite was 426.0347.2
HV. Considering the microhardness of pure Cu was ~50 HV [11, 26], a significant strengthening
effect was achieved. Strengthening efficiency (R) [26, 27] of reinforcements in MMNCs is defined
as:
R=(H.—H,)/(x-H,) Equation 3-3
where H_ is microhardness (HV) of the nanocomposite, H,, isthe microhardness of the matrix (the

microhardness of pure Cu was used for H,,,), and x is the volume percentage of the strengthening

phase. The strengthening efficiency for Cu/40 vol.% WC nanocomposite was 18.8. The superior
strengthening can be attributed to the Orowan strengthening, load bearing resulting from populous
well-dispersed WC nanoparticles and the Hall-Petch effect resulting from refined grains of Cu
matrix as nanoparticles can refine grains of the matrix in MMNCs [28].

The Young’s modulus of the nanocomposite was 254.4+11.2 GPa, which is significantly
enhanced compared to pure Cu. The enhancement is attributed to the high Young’s modulus of
WC, the effective load bearing by WC, and its uniform dispersion in the nanocomposite. The
dramatically increased Y oung’s modulus achieved with nanocomposites shows the advantage this
strategy has over alloying, which does not effectively increase Cu’s Young’s modulus (115 GPa
[29]).

The electrical and thermal conductivity of the Cu/WC nanocomposite was decreased
compared to pure Cu, but comparable to many commonly used Cu alloys. The thermal
conductivity was 155.7419.5 W m K-! for Cu/40 vol.% WC and the specific heat capacity at
25 < was measured to be 0.23940.002 J/(g -C). Itselectrical conductivity was 21.040.3% IACS.
There are a couple reasons for the decreased thermal and electrical conductivities of the

nanocomposite compared to pure Cu. First, WC has lower thermal and electrical conductivity
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values than pure Cu. Moreover, the addition of WC to the Cu matrix introduces imperfections in
the Cu lattice, such as interfaces and grain boundaries (from the refining of Cu grains), which act
as scattering centers and lower electron motion efficiency.

The underlying mechanism for the dispersion of WC nanoparticles in Cu as shown in
Figure 6a can be explained by the thermally-activated nanoparticle dispersion and self-stabilization
theory in molten metals [15]. Three interactions between nanoparticles are considered: interfacial
energy, van der Waals potential, and Brownian motion energy. Good wetting between molten
metal and nanoparticles creates an energy barrier to prevent nanoparticles from contacting with
each other. Thermal energy makes nanoparticles to disperse by Brownian motion. Nanoparticles
are dispersed and stabilized in molten metals by synergistically reducing attractive van der Waals
forces between the nanoparticles, providing high thermal energy for the nanoparticles to disperse,
and creating a high energy barrier to prevent clustering [15]. In this system, the small WC particle
size and their conductive nature result in small van der Waals attraction. Additionally, the high
processing temperature provides the nanoparticles with high thermal energy. Finally, the good
wetting between Cu and WC produces the high energy barrier.

The energy barrier (W, ,,i.r), thermal energy (E,), and van de Waals interaction (W,,,,)
can be calculated by Equation 3-4 to Equation 3-6, respectively [15].

Wyarrier = S(Onp = Onp—tiquia) = SOuquiac0sd  Equation 3-4

E, = kT Equation 3-5

2
W o= _ (JAnp— Aliquia)” R
6D 2

vdw —

Equation 3-6

where S: effective area (S =nRD,, D,= 0.2 nm); o,, : surface energy of nanoparticles;
Onp-1iquia- INterfacial energy between nanoparticles and molten metal; 0;;,,,,: Molten metal
surface tension; 6: contact angle of molten metal on nanoparticle surface. k: Boltzmann constant;
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T: absolute temperature; A: Hamaker constant; R: nanoparticle radius; D: distance between two
nanoparticles; Equation (6) is only effective when two nanoparticles interact in molten Cu with D
approximately larger than two atomic layers (~ 0.4 nm).

In this study, to estimate W, ,, ., using R = 98.75 nm, 6 = 10< 0y;,,,,4 = 1.2 Jm? at
1500 T [30], Wy, gyrier 1S 73324 2J. At 1500 T, E,, is 24.5 zJ. The energy barrier is much higher

than the thermal energy. To estimate W,

vdw 1

A, 1s 410 ZJ [31] and A, is not available. Since

WC is conductive ceramic, Awc could range from 200 to 500 zJ [32]. W, would always be

arrier

much higher than E, and W,,,, for stabilization of dispersed WC nanoparticles in Cu melt.

As mentioned above. the wettability between molten metal and nanoparticles is very crucial
to the successful incorporation and dispersion of nanoparticles into molten metal. It has been
reported that adding other elements can improve the wettability in some cases [33]. Therefore, it
is of interest to apply the current method to fabricating Cu MMNCs reinforced by nanoparticles
that have good properties (such as lightweight, highly conductive, etc.) but originally don’t have a
good wettability with Cu with the aid of adding other alloying elements.

The Orowan strengthening can be estimated by Equation 3-7 [34]:

0.13Gb d
— _U2seb g %p
AO-Orowan - 31 In 2b
dyl* |Gy, -1]

where G and b are the shear modulus and Burger’s vector of the matrix, d,, and V, are the diameter

Equation 3-7

and volume fraction of nanoparticles. In this study, G = 47.7 GPa [35], b = 0.256 nm [35], V,, =

0.4, and d,, = 197.5 nm, the calculated Ady,. 4,4, IS 620 MPa. The total strengthening in the as-

solidified Cu/40 vol.% WC nanocomposite is about 944 MPa using yield strength of annealed pure
Cu as 76 MPa as a counterpart for simplicity. It has been reported that the increase of dislocation

density in the as-solidified nanocomposite is not obvious [15]. Thus, the strengthening from the
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formation of geometrically necessary dislocations may be neglected. It is inferred that the rest

increase of yield strength (324 MPa) comes from load bearing effect of WC nanoparticles and the

Hall-Petch effect resulting from refined grains of Cu matrix compared with pure Cu [28].
According to the Maxwell model, the electrical resistivity of composites can be estimated

by Equation 3-8:

1+2p—m—2vp(”—m—1)
Pe = P | —2L s Equation 3-8

1428m 4oy (p—m—1)
Pp 4

where p., p,,, and p, are theelectrical resistivity of the nanocomposite, matrix, and nanoparticles.
V, is the volume fraction of nanoparticles. Electrical resistivity values of Cuand WC at 20 T are

1.7241 pQ-cm [29]and 22 pQ-cm [16]. The electrical resistivity of the nanocomposites in this
work is estimated to be 7.8 pQ-cm (22.1% IACS). The experimental value (21% IACS)is close to
the calculated value.

This method for fabricating MMNCs has several advantages over other existing methods.
First, this method produces a metal matrix with a high content of uniformly dispersed nanoparticles,
solving the problem of incorporation and dispersion of nanoparticles into metal matrices.
Additionally, the pressure employed to fabricate MMNCs in this study was much lower than the
pressures required for cold compaction in traditional powder metallurgy (several hundredsof MPa)
[36]. In traditional powder metallurgy methods, WC particles and Cu powders are mixed
mechanically by ball milling before compaction [34, 37] which can bring impurities such as iron

into the system.

(3) Effects of Nanoparticles on Properties of Cu
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By the above-mentioned two ex-situ fabrication methods, the fabrication of Cu/WC
nanocomposites with a widerange of WC volume fractions was achieved, which enabled the study
of effects of nanoparticles on properties of Cu. To understand how the properties of the Cu/WC
nanocomposites evolve with the WC volume percentage (x), different properties including
microhardness, Young’s modulus, electrical conductivity, and thermal conductivity of a series
Cu/WC composites were measured and analyzed.

Microhardness and Young’s modulus

Figure 3-9 illustrates the microhardness of the nanocomposites as a function of WC volume
percentage. As shown in Figure 3-9, the microhardness of the nanocomposites almost keeps
increasing linearly with x. The relationship can be summarized as:

H, =74 + 6.35x Equation 3-9
where H_ is microhardness (HV) of the nanocomposite. On the other hand, in previous studies, the
microhardness versus WC vol.% curves for Cu/WC nanocomposites usually had a peak pattem
showing no continuous enhancement of microhardness since the WC particles were not well
dispersed. The average microhardness of the bulk Cu/40 vol.% WC sample is ~426 HV.
Strengthening efficiency (R) [24,25] of reinforcements in MMCs is defined as:
R = (H.—H,,)/(x-H,,) Equation 3-10

where H,, is the microhardness of the matrix (microhardness of the pure Cu, i.e., 74 HV, is taken
as H,, here). The strengthening efficiency for Cu/40 vol.% WC is 12. The superior strengthening
effect here can be attributed to the Orowan strengthening, load bearing and Hall-Petch effect
resulted from well-dispersed WC particles and refined Cu matrix.

Figure 3-10 shows the Young’s modulus of Cu/WC nanocomposites versus WC volume

percentage. The Yong’s modulus of the nanocomposite is enhanced dramatically with the addition
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of WC particles, which can be attributed to the high Young’s modulus of WC and its uniform
dispersion. On the contrary, alloying doesn’t effectively increase the Young’s modulus of Cu,
which renders nanocomposites advantageous in this aspect. If we apply the mixture rule,
considering the Young’s modulus of WC and Cu as 620 GPa [57] and 115 GPa [58], respectively,
the ideal Young’s modulus of Cu/40 vol.% WC would be 317 GPa. Therefore, our experimental

datais roughly consistent with the theoretical data.
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Figure 3-9 Microhardness of the Cu/WC nanocomposites as a function of WC volume

percentage
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Figure 3-10 Young’s modulus of Cu/WC nanocomposites versus WC volume percentage

Electrical and Thermal Conductivity

As for thermal conductivity, Figure 3-11 shows the variation of thermal conductivity of the
Cu/WC nanocomposites with different WC concentrations at room temperature. The thermal
conductivity decreases as WC volume percentage increases. For Cu/40 vol.% WC, its thermal
conductivity is still ~156 W/(m K). Figure 3-12 shows the curve of electrical conductivity of the
Cu/WC nanocomposites versus WC volume percentage at room temperature. The electrical
conductivity decreases with increasing WC addition. For Cu/40 vol.% WC, its electrical
conductivity is still ~20% IACS. Compared to alloying especially that forms a solid solution,
where less than 1 wt.% solutes can sometimes decrease the electrical conductivity to below 50%

IACS, there is less deterioration of the conductivity caused by nanoparticles.
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Figure 3-11 Variation of thermal conductivity of the Cu/WC nanocomposites with different WC
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The reasons that thermal and electrical conductivities of the composites decrease with the
increase of WC contents are as follows. Firstly, WC itself, as a constituent of the composite, has
lower thermal and electrical conductivity values than pure Cu. The introduction of WC into Cu
matrix creates interfaces, dislocations, and grain boundaries (from the refining of Cu grains) in the
Cu lattice, which will act as scattering centers, lowering the electron motion efficiency. However,
nanoparticles do not introduce impurities into pure Cu lattice, unlike alloying that forms a solid
solution causing severe degradation of electrical and thermal conductivity.

Theoretical study to analyze and estimate the electrical resistivity of pure metals has been
reported [7]. The decrease of electrical resistivity arises from crystalline defects, which act as
scattering centers of conducting electrons [7]. The more the defects are, the lower the electrical
conductivity will be. According to Matthiesen’s rule, the resistivity of a metal is the sum of
contributions from thermal vibrations, impurities, and plastic deformation (increasing dislocation
density) as shown in Equation 3-11 [7]. The scattering mechanisms are independent of each other
[7].

Protar = Pe T Pit Py Equation 3-11
where p,, p;, and p, represents thermal, impurity, and formation resistivity contributions.

Moreover, the electrical resistivity increase caused by specific defects such as grain

boundaries and dislocations can be estimated by Equation 3-12 to 3-14 [59].

Apgy ==z X Qgy X =2 Equation 3-12
2V3Q4;5 X—BXCOS- 9_% )

Apgis = =it Equation 3-13

Apais = 6Qqss X Lo Equation 3-14
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where Q.5 and Q;, are grain boundary and dislocation resistance; D is grain size; r is nanoparticle
radius; b is Burgers vector of the matrix; a, compensates for the temperature dependence of
electron mean free path; S is peak broadening of a certain peak 6 in XRD patterns with X-ray
wavelength of A; f is nanoparticle volume fraction; ACTE is the CTE mismatch between matrix
and nanoparticle; AT is temperature difference.

However, the theoretical study of the electrical conductivity of metals with dispersed
nanoparticles has not been established. Pan et al. built a theoretical model to study the electrical
behavior of Cu and its alloys with dispersed nanoparticles, which is described as follows [60]. In
the metallic systems, electrons with high energy near the Fermi surface greatly affects the electron
transport. A thermostatic environment is appropriate near the Fermi level. The electron transport
is governed by interfacial scattering. Whether an electron will be blocked or transport through the
nanoparticle follows the probability of its partition functions, as shown in Equation 3-15. The
probability of electron transmission through the interface is governed by the energy of the system
and the energy barrier, as shown in Equation 3-16. The nanoparticle volume fraction (x) will
conjugate withthe pure energy state probability, which yields a diffusionfree energy of activation,
as shown in Equation 3-17. Electron scattering probability at the nanoparticle/matrix interface is
proportional to the nanoparticle percentage. Thus, the theoretical electrical conductivity of the
nanocomposite must obey the Arrhenius Relationship, as shown in Equation 3-18. This model
suggests that the electrical conductivity of nanocomposites decays exponentially with increasing
nanoparticle volume fraction. The experimental study shown in Figure 3-12 roughly agrees with
this theoretical analysis. Thus, by properly selecting the nanoparticle volume fraction, the desired

high electrical conductivity of the Cu matrix nanocomposite can be achieved.

E
exp (—,(37)

P(E) = o

Equation 3-15
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- ~ ex (—WC—’”‘"“”) Equation 3-16
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AE = x* (¢ — Emetal) Equation 3-17

o= a,(T) [exp (—M)]x = 0,(T) exp (— Er-wC=EF-metal x) Equation 3-18

kpTF kpTE
where P(E) is the possibility for electrons to be in a certain energy state E; T is temperature; &,

is Fermi energy of WC nanoparticles; & iIs Fermi energy of the matrix; x is nanoparticle

metal
volume percentage; Ty is the Fermi temperature of free electrons in metals.

The electrical conductivity of Cu/WC nanocomposites remains higher than 80% when the
nanoparticle percentage is approximately below 8 vol.%, which can also be understood in aspects
of the electron mean free path [52]. The mean free path of electrons in Cu at room temperature is
approximately 38 nm [52]. When the spacing between WC nanoparticles in the Cu matrix is larger
than 38 nm, the scattering of electrons by the nanoparticle-matrix interfaces can be less effective
[52].

Based on the established material property vs. WC vol.% relationships, it was found that
Cu with suitable WC contents can achieve the goal of high strength and high conductivity. Cu/7.6
vol.% WC cold rolled with 70% thickness reduction exhibits an ultimate tensile strength of 614415
MPa, tensile elongation of 2-3%, and an electrical conductivity of 85% IACS [52]. It is also
expected that the Cu/WC nanocomposites will offer excellent thermal stability due to the high
stability of WC nanoparticles in the Cu matrix, which would be an advantage over Cuand its alloys.
Moreover, dispersed WC nanoparticles are expected to improve the wear resistance of Cu. The

nanocomposite was compared with common Cu alloys, as shown in Figure 3-13. Cu/WC shows a

better combination of strength and electrical conductivity than common Cu alloys.
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Figure 3-13 Tensile strength versus electrical conductivity of Cu/WC nanocomposite in

comparison with common Cu alloys

3.1.4 Conclusions

We reported the ex-situ fabrication of Cu/WC nanocomposites with a wide range of WC
contents, in which WC particles are well-dispersed. The hardness/strength of the Cu/WC
nanocomposites can be significantly enhanced while maintaining reasonable electrical and thermal
conductivity. Our study created a system of Cu/WC nanocomposites with different properties,
which provided a feasible way to achieve the goal of fabricating high performance Cu based
composites. By tuning the WC volume percentage, different combinations of properties can be

achieved for specific applications.
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3.2 In-situ Fabrication of Cu/TiB, Nanocomposites via Casting

3.2.1 Introduction

TiB2 nanoparticles have attracted much attention as reinforcing elements in metal matrix
nanocomposites since they exhibit excellent properties, such as high hardness, modulus, corrosion
resistance, thermal stability. Besides, TiB2 has good electrical and thermal conductivities among
ceramics [61].

Molten Cu and TiB2 have poor wettability (158<at 1100 °C), which has been a major
obstacle to fabricating Cu/TiB2 nanocomposites by regular casting. Attempts to fabricate Cu/TiB>
nanocomposites have only resulted in limited success. Cu/TiB2 nanocomposites were fabricated
by powder metallurgy [62,63]. TiB2 with sizes of 100-500 nm in Cu were fabricated by melting a
ball-milled mixture of Ti, B, and Cu powders for 10 min [61]. It was also reported that TiB>
nanoparticles in the range of 50-200 nm were formed in molten Cu by turbulent in-situ mixing of
Cu-Ti and Cu-B masters under rapid cooling [14].

In this study, anew and scalable method to manufacture bulk TiB2-nanoparticle-reinforced
Cu via casting was developed. With titanium and boron bearing fluoride salts as precursors and
aluminum as the reductant, dispersed TiB2 nanoparticles with an average size of 65.1 nm were in-
situ synthesized in molten copper. The microstructure of the as-solidified samples and the reaction

mechanism of the synthesis were investigated.

3.2.2 Materials and Methods

Synthesis of Cu/TiB2 Nanocomposites

Copper (99.99%, Rotometals) was heated to 1130 °C with argon protection in a graphite

crucible by an induction heater. Al shots were added to molten Cu, followed by mixed KBF4
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(Spectrum), K2TiFe (Spectrum), and KAIFs (AMG Aluminum) powders. The weight of raw
materials was calculated according to Reaction 3-1 for desired volume fractions of TiB2 in copper,
with KBF4 50% in excess. The volume of KAIF4 (buffer salt) was 5 times of Cu. After holding for
1.5 h, the melt was cooled naturally in the furnace. After solidification, the salt on top of the metal
was removed. As-synthesized sample was re-melted at 1100 °C for 5 min. The schematic is shown
in Figure 3-14.
10Al + 6KBF, + 3K,TiF, - 3TiB, + 9KAIF, + K,AIF, Reaction 3-1

The residual Al in the as-solidified samples can be removed by CuCl. according to
Reaction 3-2. The as-solidified sample was heated to 1100 °C with Ar protection. CuClz powders
were loaded on top of the molten metal. The melt was held at 1100 °C for 20 min before cooling

to room temperature.

3CuCl, + 2Al - 2AICl; + 3Cu Reaction 3-2

Ar

Induction heater

Molten
KBF4+K,TiFg+KAIF,

Crucible
Oxide layer
Cu+Al Melt

TiB, NP
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Figure 3-14 Schematic of in-situ fabrication of Cu/TiB2 nanocomposites

Characterizations

Specimens cut from bulk samples were ground, polished, and ion milled at 4°and 4.5 kV
for 1 h by Precision lon Polishing System (Model PIPS 691, Gatan) to clean the surfaces. The
microstructures were observed by scanning electron microscopy (SEM, ZEISS Supra 40VP)
equipped with energy-dispersive X-ray spectroscopy (EDS). X-ray diffraction (XRD) analysis was
conducted on the samples to identify the phases using Bruker D8 at a step size of 0.05<and a speed

of 4min. The particle sizes were measured by image processing using Image-Pro software.

3.2.3 Results and Discussion

The XRD patterns of the as-synthesized Cu/TiB2 sample are shown in Figure 3-15. The
peaks are clearly indexed as the TiB2 phase and the Cu phase. Thus, the successful synthesis of
TiB2 in Cuis confirmed. It should be noted that Cu peaks are shifted towards the lower angle side,

which indicates the residual Al in Cu.

* ° TiB,
e Cu
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o ° ° o
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Figure 3-15 XRD patterns of as-synthesized in-situ Cu/TiB>
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The microstructural characterizations of the as-synthesized Cu/TiB2 nanocomposite are
shown in Figure 3-16. Asshown in Figure 3-16a, the TiB2 nanoparticles are uniformly distributed
in the matrix. The corresponding EDS mappings of Cu, Al, and Ti are presented in Figure 3-16b,
3-16¢, and 3-16d. The spatial distribution of Ti in Figure 3-16d coincides with the TiB2
nanoparticles. The uniform distribution of TiB2 nanoparticles is also demonstrated by the uniform

mapping result of Ti in Figure 3-16d.

Figure 3-16 (a) Microstructure of as-synthesized in-situ Cu/TiBz2; (b)-(d) spatial

distributions of Cu, Al, and Ti in (a) by EDS mapping
The mechanism of forming TiB2 nanoparticles by the in-situ reactions in molten Cu was
investigated. Figure 3-17 shows SEM images of locations close to the salt-metal interface in the

as-solidified samples. String-like features in the micrometer scale are observed, as shown in Figure

60



3-17a. More importantly, nanoparticles are disintegrated from the string-like features. EDS point
scan in the string-like feature only shows Ti peaks. A similar phenomenon is observed in other
samples, as shown in Figure 3-17b. Itshould be noted that boron cannot be detected by EDS. Thus,
the TiB2 formation mechanism is anticipated as follows. Ti is reduced by Al from the molten salt
at the interface and diffuses into molten Cu. Due to the high concentration of Ti in Cu close to the
salt-metal interface, the Ti-rich phase grow laterally, which forms the string-like feature. As B
diffuses into the Ti-rich phase, TiB2 nanoparticles are formed and disintegrate from the string-like
phase at the boundaries. KBF4 is more volatile than K-TiFes. Besides, it was reported that the
transfer efficiency of Ti from the molten salt to molten Alwas higher than B in the Al-Ti-B system
due to the strong heat evolution when Al reacts with K2 TiFe[64,65]. Hence, in this study, KBF4 is

50% in excess in raw materials to maintain the stoichiometry.

Figure 3-17 SEM images of the string-like features in the in-situ Cu/TiB2 samples

Synthesis of TiB: particulates in Al by two fluoride salts has been reported. Al reacts with
KBF4 and K:TiFs at the molten salt/molten metal interface, reducing B and Ti from KBF4 and
K2TiFs, respectively. According to the phase diagram, B and Ti form AIB2 and TiAls in molten

Al. TiB2 nanoparticles are formed by the reaction of AIB2 and TiAls. Meanwhile, Cu can form
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different intermetallic phases with Al, Ti, and B in molten Cu. In future studies, more studies need
to be conducted to identify the phase evolutions in the Cu-Al-Ti-B system.

The microstructure of the sample after re-melting is shown in Figure 3-18. Re-melting the
as-synthesized sample improves the microstructure. As shown in Figure 3-18a, no microscale
phases such as the string-like featuresare present in the sample anymore. TiB2 nanoparticles with
uniform sizes are uniformly distributed in the matrix, as shown in Figure 3-18b. It is anticipated
that microscale features float to the top due to buoyance during re-melting while TiB2
nanoparticles are dispersed in the molten metal due to Brownian motion. The average size of TiB>
nanoparticles is 65.1 #22.8 nm. The size distribution of TiB2 nanoparticles in the matrix is shown
in Figure 3-18c.

The in-situ TiB2 nanoparticles are mostly in hexagonal platelet or cuboid shape, as shown
in Figure 3-18b, which agrees well with the literature. Effects of compositions on the morphology
of as-synthesized nanoparticles such as TiB2 and TiC have been reported [66—68]. The morphology
of TiB2 particles was converted from hexagonal plates into rod-like structures by increasing Ti
contents [67]. By increasing the Sc content in Al, TiB2 transformed from hexagonal platelets to
polyhedral or near-spherical morphology with decreasing particle sizes [68], which can be
attributed to the preferential lattice plane adsorption of Sc by TiB2. Morphological evolution of
TiC from octahedron to cube induced by elemental nickel was reported owing to modified surface
energy and crystal growth kinetics [66]. In future studies, it is of interest to study the effects of
alloying elements on the growth mechanism of TiB2 nanoparticles, in order to achieve synthesis
of TiB2 nanoparticles with desired shape and size in different Cu alloys.

Residual Al in Cu will severely deteriorate the conductivity. The removal of Al by CuCk

was studied. The microstructure of the sample after CuCl processing is shown in Figure 3-19.
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Severe coarsening of TiB2 occurred, as indicated by the TiB2 microparticles in Figure 3-19a.
Coarsening of TiB2 was to reduce the interfacial energy. It suggests molten pure Cu and TiB2 have
poor wetting, and that Al in the Cu melt can significantly increase the wettability. Some TiB:2
nanoparticles growing to larger sizes than before can be found in the sample, as shown in Figure
3-19b. It is expected that the coarsening of TiB2 nanoparticles can kinetically be mitigated by

reducing the duration of the TiB2 nanoparticles in molten Cu.

N=100
65.1+22.8 nm

20 40 60 80 100 120 140 160 180
Particle Size (nm)

Figure 3-18 (a) Microstructure of Cu/TiB2 after re-melting; (b) magnified image of an area in (a);

(c) size distribution of TiB2 nanoparticles in (b)
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Figure 3-19 Microstructure of Cu/TiB2 after CuCl2 processing

3.2.4 Conclusions

A novel method to cast Cu containing dispersed in-situ TiB2 nanoparticles using
inexpensive fluoride salts as raw materials was developed. Aluminum not only acted as the
reduction agent but also stabilized TiB2 nanoparticles in molten Cu. The nanoparticle forming
mechanism was discussed. TiB2 nanoparticles with an average size of 65.1 nm uniformly

distributed in the Cu matrix was achieved.

3.3 High performance Cu-0.1AI-0.1Mg/TiB, Nanocomposite

3.3.1. Introduction
TiB2 nanoparticles have been attractive for strengthening metals. TiB2 exhibits a relatively
higher electrical conductivity (19% IACS at 20 <C) and microhardness (33 GPa) among borides
and carbides of transition metals. However, molten pure Cu and TiB2 have poor wettability, with
a contact angle of 158<at 1100 <C. Thus, it has been a great challenge to fabricate Cu/TiB>
nanocomposites via regular casting since TiB2 nanoparticles cannot be stabilized in molten Cu.
Alloying has been reported to improve the wettability between molten metals and ceramics.

Increasing Ti contentsin Cu-Ti melts can effectively decrease the contact angles and increase the
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work of adhesion on Y203 and Al>Oz at 1423 K [69]. In our previous study, we developed in-situ
fabrication of CuAI/TiB2 nanocomposites by casting, which can effectively incorporate and control
the size of TiB2 nanoparticles in Cu. We used two fluoride salts as Ti and B sources and Al as the
reduction agent to form TiB2 nanoparticles in molten Cu. The residual Al in Cu melt helped
stabilize TiB2 in molten Cu.

Cold rolling is an effective strategy to enhance the hardness/strength of metallic materials.
Cu-Mg alloys are usually used in strain hardened conditions due to the high strain hardening
exponent. The content of Mg is usually kept below 0.5 wt.% to maintain electrical conductivity.

Although alloying can modify the microstructure and enhance the properties of the
nanocomposites, it will also substantially decrease the electrical conductivity of Cu. Thus, the
alloying contents must be appropriately selected to ensure the desired stabilization of TiB>
nanoparticles in Cu, the prominent strain hardening effect, while maintaining high electrical
conductivity.

In this study, we designed and fabricated Cu-0.1Al-0.1Mg/3 vol.% TiB2 nanocomposite.
The microstructure, microhardness, and electrical conductivity of the nanocomposite were
evaluated. Results showed that 0.1 wt.% Al stabilized TiB2 nanoparticles in Cu. The addition of
0.1 wt.% Mg led to higher hardness after cold rolling by the same thickness reduction. TiB>
nanoparticles effectively increased the hardness over Cu-0.1AI-0.1Mg while causing less
deterioration of theelectrical conductivity compared to alloying of Aland Mg. The nanocomposite
sample with cold rolling by 37% thickness reduction can achieve a microhardness of 156.8 HV

with an electrical conductivity of 65% IACS.
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3.3.2. Materials and Methods

Cu-0.1Al-0.21Mg/3 vol.% TiB2 nanocomposite was fabricated by a two-step process. First,
Cu-0.1Al/3 vol.% TiB2 was fabricated by diluting in-situ Cu-3.3Al/15 vol.% TiB2 nanocomposite
master with pure Cu at 1130 <C. Second, Cu-0.1Al-0.1Mg/3 vol.% TiB2 was fabricated by alloying
Cu-0.1A1/3 vol.% TiB2 with Mg using a Cu-9.5 Mg master at 1130 <C. It should be noted that the
ingot was not homogeneous due to the extensive dilution. The Cu-0.1Al-0.1Mg/3 vol.% TiB2 was
taken from the top of the ingot for theoretical study.

Specimens cut from the as-solidified bulk samples were ground, polished. The
microstructure of the samples was observed by optical microscopy and scanning electron
microscopy (SEM, Zeiss Supra 40VP). The samples are cold rolled witha 37% thickness reduction.
The microhardness of samples was measured using an LM 800AT microhardness tester with a
load of 200 g and a dwell time of 10 s. Electrical conductivity was measured by 4-point probe at

room temperature.

3.3.3. Results and Discussion

The microstructure of Cu-0.1Al-0.1Mg/3 vol.% TiB: is shown in Figure 3-20. As shown
in Figure 3-20, TiB2 nanoparticles are dispersed and stabilized in the Cu matrix. It is believed that
the addition of 0.1 wt.% Al decreases the interfacial energy between TiB2 and the melt, inhibiting
the sintering of the TiB2 nanoparticles while not sacrificing electrical conductivity severely. No
reaction was observed in the nanocomposite sample. However, it should also be noted that
increasing the contents of the alloying elements might also lead to possible reactions between the

alloy elements and the nanoparticles.
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Figure 3-20 (a) optical image; (b) SEM image of the microstructure Cu-0.1Al-0.1Mg/3 vol.%
TiB>
It is anticipated that the stabilization of TiB2 nanoparticles in Cu can be attributed to the
segregation of aluminum at the interface and the resultant improved adhesion of the interfaces.
The contact angle of molten metal on a solid surface is given by Equation 3-19 to 3-21 [70].

cos@ = L Equation 3-19
(A%

cosf = 2= —1 Equation 3-21

oLy

where 6 is contact angle. ag,, 0,,,, 05, are the surface energy of the solid, surface energy of the
liquid, and the interfacial energy of the solid/liquid interface. W, is the adhesion energy of the
system that is required to separate a solid and a liquid.

According to Equation 3-21, the contact angle depends on two competing factors: the
adhesion forces decided by the adhesion energy which promotes wetting; the cohesion forces
(equal to 20,,,) of a liquid in the opposite direction [70]. Molten metals have high surface energy
and high cohesion. Good wettability can be achieved when W, increases, possible when interfacial

bonding is strong [70]. In this study, we suspect that Al segregated at the nanoparticle/molten metal
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interfaces bonds with Ti on the surface of the nanoparticles, forming strong interfacial bonding.
Thus, the TiB2/molten Cu interfacial energy is decreased and stabilization of TiB2 nanoparticles
in molten Cu is achieved.

The microhardness of Cu-0.1Al, Cu-0.1Al-0.1Mg, Cu-0.1AI-0.1Mg/3 vol.% TiB:2 before
and after cold rolling (37% thickness reduction) are summarized in Figure 3-21. After cold rolling,
the hardness of Cu-0.1Al-0.1Mg is increased by 19.8 HV, while that of Cu-0.1Al-0.1Mg is
increased by 53.9 HV. Thus, the addition of 0.1 wt.% Mg contributes to stronger strain hardening
effects. We suspect that the addition of Mg can change lattice parameters of Cu and enhance the
ability to store dislocations. In addition, it is possible that Mg, as foreign atoms in Cu lattice, can
pin segments of dislocations to increase the ability for dislocation multiplication during cold
rolling. The microhardness of Cu-0.1Al-0.1Mg/3 vol.% TiB: is further increased to 156.8+14.9

HV after cold rolling.
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Figure 3-21 Microhardness evolution of Cu-0.1Al, Cu-0.1AIl-0.1Mg, and Cu-0.1Al-0.1Mg/3

vol.% TiB2
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The electrical conductivity of Cu-0.1Al-0.1Mg/3 vol.% TiB2was measured to be 65.046.3%

IACS. The breakdowns of the electrical conductivity drop in the nanocomposite sample compared
to pure Cu are shown in Table 3-1. The additionof 0.1 wt.% Al roughly leads to a decrease of 15%
IACS [5]. Besides, the addition of 0.1 wt.% Mg combined with cold rolling (37% thickness
reduction) results in another decrease of approximately 15% [71]. Accordingly, the incorporation
of 3 vol.% TiB2 nanoparticles only caused an electrical conductivity drop of roughly 5% IACS.
The cold-rolled Cu-0.1Al-0.1Mg/3 vol.% TiB2 exhibits a good combination of hardness and
electrical conductivity.

Table 3-1 Breakdown of the electrical conductivity drop in cold rolled Cu-0.1Al-0.1Mg/3 vol.%

TiB2 compared to pure Cu.

Electrical Conductivity

Condition
Decrease
0.1 wt.% Al ~15% IACS
0.1 wt.% Mg+37% .
thickness reduction 15% IACS
3 vol.% TiB, ~5% IACS

3.3.4. Conclusions

In summary, a new Cu alloy matrix nanocomposite, Cu-0.1Al-0.1Mg/3 vol.% TiB2 was
designed and fabricated by casting. Results showed that Al stabilizes TiB2 nanoparticles in Cu.
Mg contributes to higher hardness after cold rolling under the same thickness reduction. TiB2
nanoparticles effectively increase the hardness while causing much less deterioration of the

electrical conductivity compared to alloying. The nanocomposite sample with cold rolling (37%
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thickness reduction) can achieve a microhardness of 156.8 HV with an electrical conductivity of

65% IACS.

3.4 Salt Melt Assisted In-Situ Synthesis of Tungsten Nanoparticlesin Copper

Copper (Cu)/tungsten (W) nanocomposites exhibit novel properties, thus widely used in
industry. However, fabrication of bulk Cu/W nanocomposites by casting has not been
demonstrated. Moreover, it is very difficult to control the severe coarsening of W nanoparticles in
Cu during processing. In this study, a scalable molten-salt-assisted in-situ synthesis method was
developed to cast Cu containing uniformly distributed W nanoparticles using tungsten oxide (WO 3)
microparticles as the precursor. With WO3 microparticles dissolved by molten KAIF4 and reduced
by molten aluminum, W nanoparticles were formed in the Cu matrix. Effects of the synthesis
parameters on the W nanoparticle size were studied theoretically and experimentally. An average
size of the W nanoparticles as small as 132.7 nm in the Cu matrix was achieved. The in-situ Cu/W
nanocomposites exhibit enhanced mechanical properties due to the effective nanoparticle size
control. For in-situ Cu/5.6 vol.% W, it exhibits a Young’s modulus of 137.2 GPa and a
microhardness of 100.9 HV, 20.4% and 50.6% higher than Cu respectively. This work paves a
new way to fabricate metals reinforced by uniformly distributed nanoparticles through

conventional casting using inexpensive microparticles.

3.4.1 Introduction
Copper (Cu) and tungsten (W) are immiscible in both liquid and solid states due to a high
positive heat of mixing, making them a good pair for nanocomposites to exhibit novel material

properties [72—74]. Cu/W nanocomposites combine the high electrical and thermal conductivities
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of Cu and the high hardness/strength, wear resistance, modulus, and thermal stability of W. Cu/W
nanocomposites are strongly demanded in industry especially for heavy-duty applications, e.g.,
electrical contacts, electric resistance welding electrodes, high-current circuit breakers, heat sinks
[75-77].

Currently, Cu/W nanocomposites are mainly prepared by powder metallurgy (PM) [78—
81]. However, issues including porosity, inhomogeneity, and especially coarsening of W
nanoparticles due tothe large lattice mismatch between Cuand W are inevitable. More importantly,
it encounters difficulties to produce large parts with complex structures by PM. Casting, a widely
used technique in manufacturing, is of significance for the production of high-performance and
complex parts. Fabrication of Cu/W nanocomposites by casting has not been demonstrated so far,
due tothe hardship to incorporate and disperse W nanoparticles and also the severe coarsening and
sintering of W nanoparticles during processing.

The size of nanoparticles in metal matrices strongly affects the properties of the
nanocomposites. Smaller W nanoparticles are desired to induce higher Orowan strengthening,
improve microstructural homogeneity and ductility, and potentially increase the arc erosion
resistance. It was reported that although the starting W nanoparticles were 40-60 nm in size, W
nanoparticles in Cu grew to 3-5 um after vacuum sintering at 1200 °C for 1 h [82]. While spark
plasma sintering (SPS) can reduce the processing time, the growth of W nanoparticles to 200-300
nm and the formation of dense W clusters were still reported [82]. By dynamic consolidation,
which utilized a shock wave to enable an ultra-fast consolidation of powders into bulk samples to
prevent grain growth, the W crystalline size (by the Scherrer-equation) retained almost the same
as the as-milled one [83]. However, dynamic consolidation is difficult to meet the requirements of

mass production. Additionally, infiltration was used to fabricate W/Cu nanocomposites. Despite
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the short processing time (5s), the W nanoparticle size increased from 100 nm to 300nm [84], let
alone inhomogeneity caused by infiltration. Besides, Cu/W nanocomposites were fabricated by
annealing Cu/W nano-multilayers prepared by sputtering [85]. These methods are difficult to
achieve mass production of bulk Cu/W nanocomposite samples with desired microstructures and
properties.

Besides, the high cost of W nanoparticles is limiting the application of Cu/W
nanocomposites. Several attempts have been made to synthesize W nanoparticles via chemical
reactions using inexpensive raw materials [86,87]. Cu/W nanocomposite powders were prepared
by joint reduction of CuO and WOz micropowders by a Mg-C reducer through self-propagation
high-temperature synthesis [81]. Cu/W nanocomposite powders were also prepared by a sol-gel
method using copper nitride and ammonium tungstate as precursors. These powders were
subsequently consolidated by PM to fabricate bulk samples [88]. However, direct in-situ synthesis
of W nanoparticles from microparticle precursors into bulk Cu matrix has not yet been reported.

In this study, a scalable manufacturing method of bulk Cu containing uniformly distributed
W nanoparticles by casting via molten-salt-assisted in-situ reactions was developed. The
underlying mechanism of synthesizing W nanoparticles from inexpensive WO3 microparticles into
the Cu matrix is elucidated. The effects of the synthesis parameters including temperature, reaction
time, and the WO3 concentration in the molten salt on the size of in-situ W nanoparticles in the Cu
matrix were investigated. The relationships between microhardness and Young’s modulus of in-

situ Cu/W nanocomposites with the W nanoparticle contents were studied.
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3.4.2 Materials and Methods

The schematic of the in-situ fabrication of Cu/W nanocomposites is shown in Figure 3-22,
with WO3 microparticles (labeled 50 um) as the W source. Additionally, the chemical reaction is
shown in Reaction 3-3. For a certain designed volume percentage of W nanoparticles in Cu, the
amount of initial Al and WOs is calculated according to Reaction 3-3. Firstly, mixed WO3 and
KAIF4s powders were melted at 700 °C in a graphite crucible by induction heating and held for 20
min before being cast out. Then, Cu was heated to 1100 °C under Ar protection in a graphite
crucible by induction heating. Aluminum (Al) beads were added into the melt. A spoonful of
KAIF; was loaded on top of the melt to form a molten salt pool. The cast WO 3-KAIF4 mixtures
were added into the salt pool and held for different times (0.5 h or 1 h) to allow the reaction to
happen. The overall concentration of WO3 in KAIF4 was controlled at 3 wt.% or 6 wt.%.

2Al+ W05 - Al,0,+ W Reaction 3-3

Induction heater

Molten KAIF 4+
Dissolved WO,

Crucible

Oxide layer
Cu+Al Melt

W NP

Figure 3-22. Schematic of the salt-melt assisted in-situ fabrication of Cu distributed with W

nanoparticles from WO3 microparticles
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In comparison, ex-situ Cu/W nanocomposites were fabricated with commercial W
nanoparticles (40-60 nm, US Research Nanomaterials) via the molten-salt assisted self-
incorporation method (see experimental procedures in [89-91]) using KAIF; as the flux. The melt
was held at 1130 °C for 0.5 h.

To remove the residual Al, the in-situ Cu/W samples were heated to 1100 °C with Ar
protection, and CuCl2 powderswere loaded on top of the molten metal. The melt was held at 1100 °C
for 5 mins with mechanical mixing at 400 rpm by a graphite blade before cooling to room
temperature in the furnace.

To extract W nanoparticles from the in-situ Cu/W, the nanocomposite samples were
immersed in a FeCls/DI water solution until the Cu matrix was fully dissolved. Then, the W
nanoparticles were washed by DI water and collected in a centrifuge.

The initial WO3 microparticles and bulk nanocomposites (in-situ and ex-situ) were
examined by scanning electron microscopy (SEM, ZEISS Supra 40VP) equipped with energy-
dispersive X-ray spectroscopy (EDS). To reveal the W nanoparticles in the Cu matrix, the SEM
samples of the bulk nanocomposites were prepared by grinding, polishing, and ion milling at 4
and 4.5 kV for 1 h (Model PIPS 691, Gatan). The phases of the bulk Cu/W nanocomposites were
analyzed by X-ray diffraction (XRD, Bruker D8) using Cu Ka radiation with a step size of 0.05°
at a speed of 49min. Initial WO3 microparticles, simply mixed WO3-KAIF4, and solidified WOs3-
KAIF4 (held at 700°C for 20 min) were analyzed by XRD with the same parameters mentioned
above. For XRD analysis samples, the WO3 was 3 wt.% in KAIF4. The Young’s modulus of the
nanocomposites was measured by the MTS nanoindenter witha Berkovich tip withan indent depth

of 2 um. The microhardness of Cu/W nanocomposites was tested by the LM 800A T microhardness
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tester using a 200 g load with a 10 s dwell time. Each Young’s modulus and microhardness data
represents 10 measurements at room temperature.

The size analysis of the W phase in the Cu matrix was conducted via image processing.
The actual volume percentages of W nanoparticles in the Cu matrix were calculated based on the

weight percentages of Cu and W from EDS mappings.

3.4.3 Results and Discussion

The morphology of the as-received WOs3 microparticles is shown in Figure 3-23. The
representative microstructure of the as-solidified in-situ Cu/5.6 vol.% W nanocomposite is shown
in Figure 3-24a, where W nanoparticles are uniformly distributed in the Cu matrix. Unlike Cu/W
nanocomposites prepared by PM, no porosities are observed in this sample. The XRD patterns of
the as-solidified Cu/5.6 vol.% W sample are illustrated in Figure 3-24b. The peaks are clearly
indexed as Cu and W phases. Therefore, the synthesis of in-situ W nanoparticles in the Cu matrix

from WO3 microparticles is confirmed.

Figure 3-23. SEM image of initial WO3 microparticles.
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Figure 3-24 (a) SEM image of as-solidified Cu/5.6 vol.% W nanocomposite; (b) XRD patterns of
(@)

To understand the underlying mechanisms of obtaining W nanoparticles from WO3
microparticles despite the large size differences, XRD analysis of the raw materials at different
conditions was conducted, with the results shown in Figure 3-25. Firstly, the XRD patterns of as-
received WO3zmicroparticles are indicated by the black line. The phase integrity of the as-received
WOs is confirmed as all the peaks are indexed as WO3. Secondly, for WO3 and KAIF4 that were
simply mixed, the XRD patterns are indicated by the red line, which can still be indexed as two
phases, i.e., WO3 and KAIF4. However, only KAIF4 peaks are shown in the XRD patterns of the
solidified WO3-KAIF4 (blue line) after melting the mixture at 700 °C for 20 min. Moreover, the
KAIF4 peaks are shifted towards lower angles, indicating an increase in the lattice parameters of
the resolidified KAIF4. The understanding of oxide interactions with molten salts is not thorough
yet in literature, especially at the molecular scale. It suggests that KAIF4 dissolved some WO3
microparticles, causing its lattice parameters to increase. As a result, the synthesis of W
nanoparticles from the initial WO3 microparticles despite the large size difference is enabled. In

future studies, detailed investigation of WO3 interaction with molten KAIF4 will be conducted.
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Figure 3-25 XRD patterns of WO3, mixed WO3-KAIF4, and as-solidified WO3-KAIF4 after
melting

The reaction mechanism to generate W nanoparticles is discussed as follows. The salt melt
can dissolve metal oxides, with the dissolution reaction of oxide being basic dissolution or acidic
dissolution [92]. For simplicity, it is assumed that molten KAIF4dissolved WO3 microparticles up
to the solubility, forming W®*, according to Reaction 3-4 (acidic dissolution). At the molten metal-
molten slat interface, molten Al reacts with W6+, generating W atoms according to Reaction 3-5.
The resultant W atoms will nucleate and grow to W nanoparticles. The incorporation of W
nanoparticles into molten Cu is driven by the minimization of the system’s Gibbs energy. W has
a better wettability with molten Cu (despite the semi-coherent interface [93]) than with molten salt.
Thus, W migrating into molten Cu reduces the interfacial energy, thereby decreasing Gibbs energy
(AG < 0, according to Equation 3-22). The molten salt can also inhibit the oxidation of the molten

metal and dissolve the oxide layer on the surface of the molten metal.

wWo, - W +30% Reaction 3-4
Wet + 24l » W + 2413 Reaction 3-5
AG = 4TtR?*(Ynm — Yns) Equation 3-22
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where R is the radius of the W nanoparticle, y,,, is the interfacial energy between the nanoparticle
and the molten metal, and v, is the interfacial energy between the nanoparticle and the molten
salt.

It is vital to dissolve WO3 microparticles in the salt melt to achieve the synthesis of W
nanoparticles, which is limited by the solubility of WOs in the salt melt. Thus, increasing the
solubility of oxides in molten salt can enable an increased reaction rate and yield. However, there
is no data available on the solubility of WO3 in molten KAIF4. The hard-soft acid-base (HSAB)
theory was recommended to predict the solubility of metal oxides in salt melts [94]. Manipulating
the compositions of the salt melt can potentially increase the solubility of oxide. It was reported
that the solubility of metal oxides increased significantly with the Na2O content in the B2O3 solvent
[95]. It was also reported that the solubility of CaO in the CaClz melt is more than 15% [94].

Chen et al. investigated the diffusional growth of Bi in an immisible Al-Bi alloy with
theoretical models to describe the growth of Bi nanoparticles [96]. Thus, assuming W
nanoparticles in Cu melt grow by diffusional transport of W atoms. The diameter of W

nanoparticles is estimated by Equation 3-23 and 3-24 [96].

d = 2v2DSt Equation 3-23
§=5%"% Equation 3-24

C,—Co
where d is the diameter of W nanoparticle, D is the diffusion coefficient, t is the time, S is the
supersaturation, Co is the overall average W concentration, Ciis the W concentration at the
interface between the growing W nanoparticle and the Cu melt, and C2is W concentration in the
W nanoparticle. Thus, the sizes of W nanoparticles can be controlled by the synthesis temperature,

time, and the WO3 concentration in the molten salt.
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Since the size of the W nanoparticles increases with increasing D, which increases with the
temperature, the synthesis temperature should be maintained as low as possible such as slightly
above the melting point of Cu. Thus, the synthesis temperature was set at 1100 °C. To minimize
the size of synthesized W nanoparticles as much as possible, the effects of reaction time and the
WOQOs3 concentrations in the salt melt on the sizes of the W nanoparticles were studied
experimentally. Figure 3-26 shows the SEM images of the microstructures of the in-situ
Cu/designed 5 vol.% W samples and the corresponding nanoparticle size distributions under
different experimental conditions. The effect of the reaction time is revealed by the comparison of
Figure 3-26a and 3-26¢. With the concentration of WO3 in KAIF4 at 6 wt.%, and the reaction time
of 1 h, the microstructure of the resultant Cu/W is depicted in Figure 3-26a. The average size of
W nanoparticles is 420.1 +278.3 nm. For a reaction time of 0.5 h, the microstructure of the
resultant Cu/W is shown in Figure 3-26¢, where the average W nanoparticle size is reduced to
170.5£101.2 nm. Hence, the average nanoparticle size decreases when reducing the reaction time.
Furthermore, the effect of the WO3 concentration is revealed by comparing Figure 3-26¢ and 3-
26e. With the reaction time fixed at 0.5 h, while the concentration of WO3 in KAIF4 decreased
from 6 wt.% (Figure 3-26¢) to 3 wt.% (Figure 3-26e), the nanoparticle size decreased from 170.5
nm to 132.7 nm. Moreover, Fig. 5f shows that the number fraction of W nanoparticles below 100
nm in the Cu/W sample (Figure 3-26e) also increased to more than 30%. Thus, the size of the
nanoparticles decreases with decreasing the WO3 concentration in the molten salt. It is expected
that by furthering optimizing the experimental parameters, the size of the W nanoparticles in Cu

can be reduced to below 100 nm.
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Figure 3-26 Microstructure of in-situ Cu/designed 5 vol.% W by different experimental
parameters: (a) WO3s is 6 wt.% in KAIF4 and reaction time is 1 h; (b) Size distributions of W in
(@); (c) WOs is 6 wt.% in KAIF4 and reaction time is 0.5 h; (d) Size distributions of W in (c); (e)

WOs3 is 3 wt.% in KAIF4 and reaction time is 0.5 h; (f) Size distributions of W in (e)

While smaller crystalline sizes of W nanoparticles by XRD analysis were reported in some
studies, it should be noted that the crystalline size calculated from XRD can be much smaller than
the actual particle size [97]. For example, the crystalline size of W particles in bulk Cu/5 vol.% W
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was calculated to be 30.5 nm according to the Scherrer equation, but the actual average W particle
size under SEM was 1127 nm [93]. In addition, W nanoparticles with an average size of 14.5 nm
were observed in TEM samples of Cu-13.4 vol.% W fabricated by cryomilling of Cu and W
microparticles and subsequent annealing of the compacted powders [97]. However, it was also
clarified that the actual W particle size ranged from 5-5000 nm from SEM observation, with only
half of the W particles reduced to nanoscale [97]. Lu etal. reported that the size of W nanoparticles
increased to 199 nm in bulk Cu-10W (4.9 vol.%) fabricated by a sol-gel method with ball-milling
and SPS [88]. Due to the dissolution of WO3 microparticles in molten salt, the W nanoparticles in
the present study were generated from W ions by the nucleation and the following grain growth.
Therefore, starting with WO3 microparticles, small in-situ W nanoparticles in the Cu matrix were
achieved via casting, with no ball milling or other powder techniques needed.

The mechanical properties of the as-solidified Cu containing different volume percentages
of in-situ W nanoparticles (using the optimal experimental parameters discussed above) were
evaluated. The actual volume percentages of in-situ W nanoparticles in Cu were estimated by EDS
mapping data and used to establish the relationships. Young’s modulus of the Cu/W
nanocomposites versus the volume percentage of W is shown in Figure 3-27. For Cu/5.6 vol.% W,
its Young’s modulus is 137.2 + 10.6 GPa, which is 20.4% higher than that of pure Cu. The
theoretical upper limit and lower limit of the Young’s modulus of nanocomposites can be
estimated by Equation 3-25 and 3-26, respectively [98].

E, =1~ f)E, + f.E, Equation 3-25

EpEy

EL - (1_fr)Er+frEm

Equation 3-26

Considering the Young’s moduli of Cuand W are 110-128 GPaand 411 GPa respectively,

the theoretical Young’s modulus of Cu/5.6 vol.% W is estimated to be between 115 GPa and 144
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GPa. It should be noted that residual Al (1.21 wt.%) in the Cu matrix can slightly modify the
Young’s modulus of the Cu matrix. Overall, the experimental value agrees with the theoretical

calculation.
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Figure 3-27 Variations of the Young’s modulus of the in-situ Cu/W samples with the volume
percentages of W nanoparticles

The microhardness of the in-situ Cu/W nanocomposites as a function of the W nanoparticle
volume percentage is presented in Figure 3-28. It exhibits a roughly linear trend between the
microhardness and the W content. For Cu/5.6 vol.% W, the microhardness is 100.9 6.8 HV.
Possible mechanisms contributing to the strengthening of the Cu/W nanocomposites are the
Orowan strengthening and load bearing of W nanoparticles [17,51], grain refinement, dislocation
density increment by the thermal expansion coefficient mismatch between Cuand W, and the solid
solution strengthening from residual Al (1.21 wt.%). Meanwhile, the Cu/5 vol.% W sample
prepared by powder metallurgy was reported to exhibit a maximum microhardness of
approximately 625 MPa (about 64 HV) when sintering at 1090 °C, with an average W particle size
of 1.127 um although starting with W nanoparticles before sintering [93]. The significantly

enhanced microhardness of the in-situ Cu/W nanocomposite in this study can be mainly attributed

82



to the effective size control of in-situ W nanoparticles and the increased densification by casting
compared to powder metallurgy. By further increasing the volume percentages of in-situ W

nanoparticles, higher mechanical performances of the Cu/W nanocomposites are expected to be

achieved.
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Figure 3-28 Variations of the microhardness of the in-situ Cu/W samples with the volume
percentages of W nanoparticles

Besides, it is anticipated that the wear resistance and breakdown strength of the in-situ
Cu/W nanocomposites will be improved due to the uniform distribution of small W nanoparticles
in the Cu matrix. Due to the small sizes of W nanoparticles and the larger interfacial areas, this
nanocomposite is also expected to have extraordinary radiation tolerance since interfaces can be
sinks for point defects generated by radiation.

Residual Al in Cu from the in-situ synthesis has two effects on the properties of Cu/W
nanocomposites. Al can give rise to an effective solid solution strengthening in Cu, which will
enhance the mechanical properties of the nanocomposite. On the other hand, it can deteriorate the
electrical/thermal properties due to the increased lattice scattering. Residual Al in the Cu matrix

can be removed by copper chloride in the molten state, according to Reaction 3-6. Molten CuCk
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will react with Al at the molten-salt/molten-Cu interface, depleting Al from the molten Cu
gradually. The representative EDS patterns acquired by EDS point scan in the Cu matrix of the in-
situ Cu/5.6 vol.% W before (Figure 3-29a, 1.21 wt.% Al) and after being treated by molten CuCl:
(Figure 3-29b, 0 wt.% Al) are shown in Figure 3-29. No Al peaks are identified in Figure 3-29b,
confirming the removal of the residual Al in the Cu matrix. It is worth mentioning that the
resolution of EDS is about 0.1 wt.%. In future studies, analyses with higher precision will be
conducted to more precisely analyze the residual Al content.
3CuCl, + 2Al - 2AILCl; + 3Cu Reaction 3-6

The study can also be readily applied to obtain pure W nanoparticles for other applications.
With the matrix of the in-situ Cu/designed 5 vol.% W sample dissolved by a FeCls solution
(Reaction 3-7), the synthesized small W nanoparticles can be extracted by centrifuging. The SEM
image of the W nanoparticles is shown in Figure 3-30. The agglomeration of W nanoparticles in

air is due to Van der Waals attraction of the W nanoparticles with large surface areas.

2Fe3" + Cu - Cu?t + 2Fe?* Reaction 3-7
(3) Cu Element Wt.%
Cu 98.79
Al 1.21
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Figure 3-29 EDS point scan patterns of the in-situ Cu/5.6 vol.% W (a) before and (b) after being

treated by molten CuClz to remove Al

Figure 3-30 SEM image of extracted W nanoparticles from in-situ Cu/designed 5 vol.% W

On the other hand, Figure 3-31 displays the results of Cu/designed 5 vol.% W particles
fabricated by the ex-situ incorporation method using commercial W nanoparticles. The
morphology of the as-received W nanoparticles (labeled as 40-60 nm) is shown in Figure 3-31a.
The SEM image of the W particles in the ex-situ Cu/designed 5 vol.% W is shown in Figure 3-
31b. The EDS mappings of Figure 3-31b are shown in Figure 3-31c (for W) and Figure 3-31d (for
Cu). The particles are the W phase and the darker areas are the Cu matrix, as indicated by the
arrows in Figure 3-31b. Thus, the incorporation of ex-situ W nanoparticles into Cu is confirmed.
However, there is severe coalescence of the W particles, leading to the formation of W
microparticles. The size distribution of the W particles in the as-solidified ex-situ Cu/W is shown
in Figure 3-31e. Their average size (2.3 £1.7 um) in the Cu matrix is much larger than their initial
size. The lattice mismatch between Cuand W is about 15% [99], so the Cu/W interface is expected
to be semi-coherent with a relatively large interfacial energy. Hence, severe

coalescence/coarsening of the W nanoparticles forming W microparticles in molten Cu occurred
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in this ex-situ method. Thus, the in-situ synthesis method proposed in this study is advantageous

to form small W nanoparticles in the Cu matrix by casting.
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Figure 3-31 Ex-situ Cu/designed 5 vol.% W: (a) SEM image of as-received commercial W
nanoparticles; (b) SEM image of W particles in as-solidified ex-situ Cu/designed 5 vol.% W; (c)
EDS mapping of W in (b); (d) EDS mapping of Cuin (b); (e) Size distributions of ex-situ W

particles in (b)
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3.4.4 Summary

In summary, a novel and scalable method to fabricate Cu/W nanocomposites by casting
using inexpensive WO3 microparticles as the W precursor with salt-melt assisted in-situ reactions
was developed. The size of the in-situ W nanoparticles in Cu was reduced by decreasing the
reaction time and the concentration of WO3 dissolved in the molten salt. An average size of the in-
situ W nanoparticles as small as 132.7 nm was achieved. Roughly linear relationships between the
Young’s modulus and the microhardness of the in-situ Cu/W nanocomposites with the content of

W nanoparticles were discovered.

3.5 Casting In-Situ Cu/CrByx Composites via Aluminum-Assisted Reduction

Chromium borides (CrBx) have been considered as promising strengthening phases for
copper (Cu). However, traditional manufacturing methods such as powder metallurgy greatly
restrict the sample size and part complexity. Here, we report that bulk Cu containing high volume
percentages of uniformly distributed CrBx were fabricated by casting via in-situ reduction assisted
by aluminum (Al). Two sets of precursors, i.e., borax-CuCr and KBF4-CrFs, were used and the
respective reaction mechanisms were illustrated. In addition, the resultant in-situ particle
morphologies and sizes from the precursors were studied. The use of KBF4-CrF3 generated smaller
in-situ particles due to the less severe coalescence of particles. The microhardness of in-situ

Cu/CrBx was significantly enhanced over pure Cu.

3.5.1 Introduction
Pure copper (Cu) is soft. Incorporating a ceramic phase into Cu is effective to improve its

performance [17,51]. Cu matrix composites with strong mechanical properties and high
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electrical/thermal conductivities are strongly desired for applications such as rotors for electric
motors, circuit breakers, electric resistance welding electrodes, heat exchangers, etc. Transition
metal borides exhibit novel properties such as high hardness, high wear resistance, high thermal
stability, and good electrical/thermal conductivity [100-102]. Chromium (Cr) and boron (B) can
form solid-state compounds with seven different stoichiometries (CrBx) depending on their relative
contents, exhibiting different properties [103]. Among them, CrB and CrB: are the most stable
phases [103]. Borides of chromium have been considered promising strengthening phases for Cu.

Traditionally, Cu containing CrBx was fabricated by powder metallurgy. Cu containing
CrB2 (44 um) was produced by powdermetallurgy as electrodes for electrical discharge machining
[104]. Extrusion of mechanically alloyed Cu/CrB2powders at 500 °C to produce bulk samples was
also reported. As-extruded Cu-1.5 vol.% CrB2showed a yield strength of 476 MPa [105]. However,
the sample size and complexity were restricted by powder metallurgy. Casting is a scalable and
facile method that is widely used in metal fabrication. Attempts to cast Cu composites have been
made. Cu-25.7%2n-3.58%Al with 0.64% CrB2 microparticles was fabricated by simply melting
the alloy together with CrB2 [106]. However, the feasible volume percentage of boride particles
by this method was very low.

The wettability between the molten metal and the particles is vital to the successful
incorporation and stabilization of particles during solidification processing. The wetting angle
between CrB2 and Cu is 26<=15° when the temperature is 1100°C-1300°C [107]. Taking
advantage of the good wettability, a layer of CrB2, formed by the reaction of B4C and Cr (addition
of 1 at.%) at the interface, promoted the wetting of B4C and Cu [108].

In this study, a new scalable method to manufacture bulk in-situ Cu/CrBx via casting was

developed. Aluminum was introduced as the reductant to assist the in-situ reactions, as Cu is
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relatively inert. Two sets of inexpensive raw materials as B and Cr precursors, i.e., borax-CuCr
and KBFs-CrF3, were experimented. The respective reaction mechanisms were elucidated. High
loadings of uniformly distributed CrBx particles were achieved in the Cu matrix by both sets of
precursors. Using the two fluoride salts, smaller particle sizes were achieved than using the borax-
CuCr, possibly due to the less severe coalescence of particles. The microhardness of in-situ

Cu/CrBx is significantly enhanced over pure Cu.

3.5.2 Materials and Methods
(1) Na2B4O7 and CuCr Alloy as Precursors

Cu-6.5wt.% Cr (in-house alloyed, 200g) was heated to 1300°C (temperature measured by
a K-type thermocouple) with argon protection in a graphite crucible by an induction heater. Cu-
6.5Cr will provide sufficient Cr source to generate 10-15 vol.% CrBx while maintaining a melting
point that is still processible. Al shots (99.99%, Alfa Aesar, 13.5g) were added to molten Cu.
Mixed KAIF4 (AMG Aluminum) and Na2B4O7 (99.5%, Alfa Aesar) were added ontop of the melt.
KAIF4, as a buffer salt, was 5 times the volume of the CuCr alloy. The ratio of Al, Na2B4O7, and
Cr (in CuCr) in raw materials was decided by Reaction 3-8, with Na2B4O7 4 times in excess to
compensate for the loss of salt evaporation during synthesis. The melt was held at 1300 °C for 1.5
h. It was then cooled to 900 °C naturally in the furnace to allow Cu to solidify, and the molten salt
was poured out. In addition, instead of adding KAIF4 and Na2B4O7, pure Na2B4O7 5 times the
volume of CuCrwas added, with other procedures unchanged. Assuming all Crin CuCr alloy was
transformed to boride particles, Cu-6.5wt.% Crwould be converted to Cu/14 vol.% CrB2, or Cu/11
vol.% CrB.

4Al + Na,B,0, + 2Cr - 2CrB, + Na,0 + 2Al,0, Reaction 3-8
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(2) KBF4 and CrF3 as Precursors

Copper (99.99%, Rotometals, 200g) was heated to 1130 °C with argon protection in a
graphite crucible by an induction heater. Al shots (11.2g) were added to molten Cu. KBF4
(Spectrum), CrF3 (Sigma-Aldrich, CrFs 4H20, 97%), and KAIFs (AMG Aluminum) were mixed
by a mechanical shaker (SK-O330-Pro). The KBF4-CrF3-KAIFs powder mixture was added ontop
of the melt. The designed volume percentage of CrB2 in Cu was 8 vol.%, with the amounts of
reactants calculated according to Reaction 3-9. The volume of KAIF4 (buffer salt) was 5 times of
Cu. The melt was held at 1130°C for 1.5 h. Then, the melt was cooled to 900 °C naturally in the
furnace to allow Cu to solidify, and the molten salt was poured out. The as-cast sample was
characterized to be Cu/7.6 vol.% CrB by image processing.

3Al + 2KBF, + CrF, — CrB, + 2KAIF, + AlF, Reaction 3-9

(3) Characterizations

As-cast Cu/CrBx samples were ground, polished, and ion milled at 4<and 4.5 kV for 1 h
by Precision lon Polishing System (Model PIPS 691, Gatan) to reveal the microstructures. These
samples were observed via scanning electron microscopy (SEM, ZEISS Supra 40VP) equipped
with energy-dispersive X-ray spectroscopy (EDS). X-ray diffraction (XRD) analysis was
conducted on the samples to identify the phase compositions using Bruker D8 with CuKa radiation
(A = 0.1542 nm) at a step size of 0.05and a speed of 4 7min. The microhardness of the Cu/CrBx
samples was measured using an LM 800AT microhardness tester with a load of 100 g and a dwell
time of 10 s. Each hardness data represents 10 tests at randomly selected points across the sample
at room temperature. The particle sizes and aspect ratios were measured by image processing using

Image-Pro software. The average diameters of the particles were decided by the average length of
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diameters measured at 2-degree intervals and passing through the particle’s centroid. The aspect

ratio of a particle is the ratio between major axis and minor axis of ellipse equivalent to the particle.

3.5.3 Results and Discussion
(1) Phase Compositions and Reaction Mechanisms of In-Situ Synthesis
Na2B407 and CuCr as Precursors
The XRD patterns of in-situ Cu/CrBx samples using borax and CuCr alloy as B and Cr
sources are shown in Figure 3-32a and Figure 3-32b. The XRD patterns in Figure 3-32a were
indexed as Cu and CrB2 phases, while patterns in Figure 3-32b were indexed as Cu and CrB. Hence,
by adjusting the ratio between borax and CuCr in the reactants, the in-situ particles can form as
CrB2 or CrB. It should be noted that borax was more than the theoretically needed amount to
compensate for the evaporation loss during synthesis (Na2B4O7 melting point 743°C). The in-situ
reactions are shown in Reaction 3-10 and 3-11. At 1300°C, Cu-6.5wt.% Cr is in the single-phase
liquid zone according to the Cu-Cr phase diagram. Al, acting as reductant, reduces B from borax
to ground state (Reaction 3-10 [109]). The high activity B atoms will diffuse into molten CuCr and
react with Cratoms in the CuCr solution (Reaction 3-11), forming chromium borides withdifferent
stoichiometries depending on the relative Cr and B contents.
4Al+ Na,B,0, > 4B + Na,0 + 2Al,0, Reaction 3-10
xB + Cr - CrB, Reaction 3-11
Two Fluoride Salts as Precursors
Figure 3-32c shows the XRD patterns of the in-situ sample using KBF4 and CrF3 as B and
Cr sources. The phases were identified as Cuand CrB. The underlying reactions are as follows. Al

reacts with KBF4 and CrFzat the molten salt/molten metal interface, reducing B and Cr from KBF4
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and CrFs to ground states, respectively, according to Reaction 3-12 and 3-13. The high activity Cr
and B will immediately react and form CrBx via Reaction 3-11 at the interface, unlike in the above-
mentioned method where CrBx was formed in the molten metal. The formed CrBx particles will
spontaneously migrate into molten Cu instead of the molten salt to reduce the interfacial energy,
as CrBx has a better wettability with molten Cu than with molten salt [51,110]. In this study,
although the Cr:B ratio was designed to be 1:2, the final product was CrB due to the more severe
evaporation of KBF4 than CrFs at high temperatures. Thus, to produce in-situ CrBx with an

intended stoichiometry, the KBF4 salt should be more than the theoretical amount.

Al+ KBF, - B + KAIF, Reaction 3-12
Al+ CrF; - Cr + AlF, Reaction 3-13
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Figure 3-32 XRD patterns of (a) Cu/14 vol.% CrB2 using borax and CuCr; (b) Cu/11 vol.% CrB
using borax and CuCr; (c) Cu/7.6 vol.% CrB using KBF4 and CrF3

(2) Microstructures of In-Situ Cu/CrBx
In-Situ Cu/CrBx by Na2B4+O7 and CuCr

For in-situ Cu/11 vol.% CrB, as shown in Figure 3-33a, the CrB particles are uniformly
distributed in the Cu matrix. Elements that were detected by EDS mapping of Figure 3-33a are
shown in Figure 3-33b to 3-33c. Figure 3-33b clearly coincides with the Cu matrix, while Figure
3-33c coincides with the CrB particles. It should be noted that B was not picked up in EDS due to
its light-element nature. Additionally, the residual Al formed a solid solution with Cu, as indicated
by Figure 3-33d (no CuAl intermetallic phase shown in XRD). No potassium was detected,
indicating that salt was not mixed into the metal (or below detection limit). The CrB particles have
an average aspect ratio of 2 £1.1.

For Cu/14 vol.% CrB2, similarly, CrB:2 particles are uniformly distributed in the Cu matrix.
EDS mappings of Cu, Cr, and Al agree well with the phase analysis. However, the morphology of
CrB2 differs from CrB (Figure 3-33a), with a larger aspect ratio (322.7). The magnified image of
CrB: particles is shown in Fig. 3-34e. One micro-sized CrB: particle is comprised of several
nanosized particles, which can be attributed to the particle coalescence at the high processing

temperature.
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Figure 3-33 SEM and EDS images of in situ Cu/11 vol.% CrB using borax and CuCr: (a)

SEM image of Cu/CrB; (b-d) Elemental distribution of Cu, Cr, and Al in (a)

. "“‘; - &
st B

o
Figure 3-34 SEM and EDS images of Cu/14 vol.% CrB2 using borax and CuCr: (a) SEM image

of Cu/CrBz2; (b-d) Elemental distribution of Cu, Cr, and Al in (a); (¢) Magnified image of

particles in (a)

94



In-Situ Cu/CrB by KBF4and CrFs

The microstructure of Cu/7.6 vol.% CrB fabricated through reactions of Al and two
fluoride salts is shown in Figure 3-35. The uniformly distributed CrB particles in the Cu matrix
exhibit similar appearances with those in Figure 3-33a regardless of the smaller particle sizes in
Figure 3-35a. The aspect ratio of particles in Figure 3-35a is 2.1+1.2, which is very close to that
in Figure 3-33a (2 £1.1). Therefore, it is concluded that, despite size differences, the morphology
of the in-situ CrBx such as aspect ratios in this study depends on the stoichiometry, irrelevant to
the precursors and volume fractions. In future work, the morphology of in-situ CrBx particles in
this study will be compared with literature and commercial particles. It is anticipated that the
morphology of the CrBx particles is related to the interfacial energy between the particles and the

synthesis media.

Figure 3-35 SEM image of in-situ Cu/7.6 vol.% CrB using KBF4 and CrF3s; (b) Magnified image
of particles in (a)
(3) Comparison of In-Situ CrBx Particle Sizes
The statistics of the in-situ CrBx particles in the Cu matrix fabricated by two sets of
precursors are shown in Figure 3-36. CrB and CrB: synthesized by Na2B4O7 and CuCr show
similar sizes, with the average size of CrB particles being 4.3 £+ 3.1 um, and that of the CrB2
particles being 5.9+4.1 um. In comparison, the CrB particles, formed by two fluoride salts, have a

much smaller particle size (1.7 + 1.3 pm). The size difference can be partly attributed to the
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different synthesis temperatures. Using CuCr alloy as Cr precursor, the synthesis temperature has
to be higher than the CuCr liquidus temperature. Otherwise, Cr will be in solid state in molten Cu,
greatly restricting the reactions. The CuCr liquidus temperature is much higher than the melting
point of Cu (1083°C). Meanwhile, with CrF3 as Cr source, the reaction temperature can be just
over the Cu melting point, which will reduce the degree of particle coalescence.

In addition, the in-situ CrBx particles in the aforementioned samples exhibit different size
distribution patterns. As shown in Figure 3-36. The CrB particles synthesized by two fluoride salts
show one peak in the size distribution diagram, with more than 35% of the particles smaller than
1 um. Meanwhile, the CrBx particles generated by borax and CuCr both show two peaks in size
distribution diagrams. The fractions of particles smaller than 1 pm in Figure 3-36b and 3-36¢ are
also smaller than those in Figure 3-36a. It is thus anticipated that, with borax-CuCr as precursors,
the more severe coalescence of particles (smaller than 1 um) leads to the two-peak pattern, with
increased number fractions of particles larger than 5 um. Therefore, KBF4-CrF3 is superior to
borax-CuCr as precursors, regarding producing smaller in-situ CrBx particles. Systematic studies
of the effects of temperature, reaction time, precursor type, and reactant concentration on particle
sizes will be investigated to optimize the synthesis results and to achieve better properties.

(4) Microhardness of In-Situ Cu/CrBx

Microhardness of the in-situ Cu/CrBx is shown in Table 3-2. In-situ Cu/11 vol.% CrB has
a microhardness of 128.1432 HV. For in-situ Cu/14 CrB2, the microhardness is 138.1432 HV.
Compared to pure Cu (C10100, M20) [58], the hardness of the Cu containing in-situ CrBx particles
is significantly enhanced. The Young’s moduli of CrB and CrB2 are 522 GPa and 442 GPa,
respectively [111]. The hardness of CrB is 23-27 GPa, and that of CrB: is 15-18 GPa [103]. Thus,

CrB is stronger than CrB2, which is expected to induce higher strengthening effects in Cu. The
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residual Al contents in the in-situ samples are also shown in Table 3-2. The strengthening effects
in the in-situ Cu/CrBx arise from the solid solution strengthening of Al, Orowan Strengthening of
the CrBx particles, and Hall-Petch effect due to grain refinement by CrBx particles [112].

The particle size of CrB in Cu/7.6 vol.% CrB is smaller than that of the Cu/11 vol.% CrB,
which will induce higher Orowan strengthening. In the Cu/11 vol.% CrB, the microhardness
roughly increased 7.1 HV over Cu per volume percent of CrB incorporated. The strengthening
efficiency of CrB in the Cu/7.6 vol.% CrB sample is expected to be higher than 7.1 HV/vol.%.
Thus, the hardness of Cu/7.6 vol.% CrB is estimated to be higher than 104 HV.

For future work, the removal of residual Al in the Cu matrix will be investigated to recover

the high electrical and thermal conductivity of the composites.
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Figure 3-36 Particle size distributions of in-situ Cu/CrBx samples: (a) CrB fabricated by KBF4
and CrFs; (b) CrB fabricated by borax and CuCr; (c) CrB2 fabricated by borax and CuCr

Table 3-2 Comparison of microhardness in Cu/CrBx and pure Cu
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Sample Microhardness (HV) Al Residual in Cu(wt.%)

Cu/14 vol.% CrB; 138.1 +£25 0.22
Cu/11vol.%CrB 128.1 £32 0.40
Cu (C10100, M20) 50 [58] N/A

3.5.4 Summary

A new scalable manufacturing method was developed to fabricate bulk Cu containing high
contents of uniformly distributed in-situ CrBx particles via casting, assisted by aluminum
reductions. Two sets of inexpensive raw materials as B and Cr precursors, i.e., borax-CuCr and
KBF4-CrFs, were experimented and compared. In-situ CrB and CrB:2 particles displayed different
morphologies. It was found that the aspect ratio of the same type of in-situ CrBx in Cu was
irrelevant to the precursor types. However, using KBF4-CrF3, smaller boride particle sizes in the
Cu matrix were achieved, due to the less severe coalescence of particles. Moreover, the in-situ

fabricated Cu/CrBx samples showed significantly enhanced mechanical property over pure Cu.

3.6 Synthesis of CrBx Nanoparticles via Magnesiothermic Reduction Assisted
by Molten Salts

3.6.1 Introduction

Transition metal borides have been recognized as promising additives to strengthen Cu due
to their properties such as high hardness, high melting points, high thermal stability, good wear
resistance, and good electrical/thermal conductivity [100,103]. The wettability between
nanoparticles and molten metals is vital to the successful incorporation and dispersion of

nanoparticles [89,110]. CrB: has a contact angle of 25<with molten Cu [113]. CrB and CrB: have
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the highest melting points and decomposition temperatures among all seven chromium borides
with different stoichiometric compositions [103], which will make them more stable in molten Cu
(Tm 1083 °C). Thus, CrB and CrB: are of special interest for Cu. While the synthesis of metal
borides nanoparticles such as TiB2, ZrB2, and MgB2 have been widely reported, the fabrication of
nanosized chromium borides has scarcely been reported [43]. CrB nanorods were synthesized via
a reduction—boronation route from chromium trichloride, boron and sodium at 650°C in molten
salt in an autoclave [114]. Although the synthesized CrB has a diameter of 10-30 nm, the length
of particles is on the micrometer scale. Nano CrB2 powder was fabricated in the Mg—B203-Cr.03
system by ball milling [115], which is difficult to scale up. In addition, it was also reported that
CrB2 nanoparticles were synthesized through reduction of Cr203 by elemental boron in molten
NaCl/KCl salt [116]. Nevertheless, pure boron is too reactive and expensive to be suitable for mass
production. Developing a scalable method to prepare nanosized chromium borides is thus of of

interest.

3.6.2 Materials and Methods

Chromium borides (CrB2 and CrB) were synthesized via a magnesiothermic reduction in
molten salt under autogenous pressure. B203 powder (99.98%, #MKCB8911, Sigma-Aldrich) and
Cr203 powder (> 99%, labeled 60 nm APS, US Research Nanomaterials) were used as the boron
and chromium precursors, while Mg powder (99.5%, —325 mesh, Sigma-Aldrich) was the
reductant. LiCl (99%, —20 mesh, Alfa Aesar) mixed with either KCI (>99%, Fisher Chemical) or
MgCl2 (>95%, <200 um, Sigma-Aldrich) was used to form a liquid medium for reactions. The
chemical reaction is shown in Reaction 3-14.

2B,0; + Cr,0; +9Mg — 2CrB, + 9M g0 Reaction 3-14
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B203(30% excess), Cr203,and Mg (33.3% excess) were stoichiometrically mixed (according
to Reaction 1) by grinding in an agate mortar, and they were further mixed with either eutectic
KCI/LiCl (55:45 wt.%) or MgCl2/LiCl (62.5:37.5 wt.%). The total weight of the salt was kept at
10 times that of Mg. As shown in Fig. Sla, the mixture of raw materials was put in a graphite
crucible, covered with a graphite sheet and sealed in an autoclave, which was heated by an
induction heater to 1150 °C and held for 4 h under argon protection before cooling in furnace.

To extract the synthesized nanoparticles, the reacted mass was washed repeatedly with DI
water to remove the salt, followed by dilute hydrochloric acid (HCI) leaching to remove the by-
product, magnesium oxide (MgO). It was further washed with DI water until the pH reached 7.
The synthesized nanoparticles were collected by centrifugation at 4000 RPM for 5 min. The final
product was dried overnight in a vacuum oven at 80 <C.

Figure 3-37a illustrates the new scalable molten-salt-assisted magnesiothermic reduction

synthesis method of CrBx. Figure 3-37b illustrates the selective incorporation of nanoparticles

from the reacted mass into molten Cu.
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12: Cu melt
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Figure 3-37 Schematic of the synthesis and incorporation process: (a) synthesis of CrB/CrB,

nanoparticles; (b) selective incorporation of CrB/CrB, into Cu

3.6.3 Results and Discussion

Figure 3-38a illustrates the morphology of the initial Cr.Os nanoparticles. The morphology
of the washed-out nanoparticles synthesized in the solvent of molten KCI/LiCl is shown in Figure
3-38b. The average particle size of synthesized CrB is ~200 nm. The phase of the nanoparticles is

confirmed by XRD to be CrB, as shown in Figure 3-38c.
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Figure 3-38 Characterization of original Cr,O; and synthesized CrB nanoparticles collected from
the reaction product: (a) SEM image of initial Cr,O, particles; (b) SEM image of synthesized

CrB nanoparticles; (c) Corresponding XRD pattern of CrB nanoparticles
The formation mechanism of nanosized chromium borides is analyzed. The common belief
for the synthesis of metal borides is that metal and boron should be at their ground oxidation state

to bind together into boride crystalline framework[43]. According to the DTA thermal analysis of
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the B203-Cr203-Mg system, Mg reduced B203 at ~830 °C and the subsequent reduction of Cr203
occurred at ~1100 °C [115]. Two mechanisms, i.e., “templated growth” and “dissolution and
precipitation”, were proposed to explain the nanoparticle synthesis via magnesio-reduction in
molten salt [109,117]. It was reported that for the synthesis of TiB2 in molten chloride salt, both B
and Ti resulted from magnesio-reduction partially dissolved in the molten salt, forming TiB2 via a
dissolution-precipitation mechanism [117]. However, for the synthesis of ZrB2 by a similar method,
it was observed that the synthesized ZrB: retained the size and shape of the original ZrO:
nanoparticles, suggesting that the amorphous boron from the magnesio-reduction of B2Osdiffused
to the surface of ZrO2, forming ZrB2 with the initial ZrO; as a template [109]. In this study, as
shown in Fig. S2, the size and morphology of synthesized CrB nanoparticles are apparently
different from the initial Cr2O3 particles (a mixture of microparticles and nanoparticles). Hereby,
the main reaction mechanism is discussed as follows. Mg is partially dissolved in the molten salt.
The dissolved Mg will diffuse rapidly through molten salt to the surface of B2Os, generating
amorphous boron through Reaction 3-14. Cr is then generated according to Reaction 3-15.

B,0, +3Mg — 2B +3MgO Reaction 3-14

Cr,0; +3Mg - 2Cr +3Mg0 Reaction 3-15

Elemental Cr and B can also be partially dissolved in the molten salt, forming CrBx and
precipitate in molten salt according to Reaction 3-16.

Cr (dissolved) + xB (dissolved) - CrB, Reaction 3-16

Molten salt, acting as a medium for synthesis, has several advantages for the nanoparticle
synthesis compared to solid-state synthesis. In essence, simply heating Cr.03-B203-Mg system
even to 1300 °C under Ar protection will not form chromium boride [115]. Itis thus anticipated

that molten salt lowered the activation energy for the reaction. Besides, the molten salt flux can
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lower the reaction temperature and accelerate the reaction due to the faster mass transfer transport
by diffusion and convection [118]. Molten salt can also lead to a more homogeneous mixing of
raw materials [118]. Besides, molten salt serves as a dilute, preventing the direct contact of crystals,
thereby inhibiting the growth of the synthesized crystals [116].

The whole reacted mass in MgClI2/LiCl salt was also directly diluted in borax and placed on
molten Cu for the incorporation of nanoparticles. The XRD pattern of the as-solidified sample
(Cu/15.1 vol.% CrB2) is shown in Figure 4-1i with peaks corresponding to Cu and CrB: phases. It
indicates that the type of the chloride salt as the solvent for the synthesis also controls the
stoichiometry of the synthesized chromium borides, which can be attributed to the different
intrinsic characteristics of the salt and their interaction with the reactions. As Reaction S1 and S2
proceeds, MgO is generated as a byproduct. It will remain on the surface of reactants as a reaction
barrier layer, slowing down the reactions. What’s worse, it can combine with unreacted B20s,
according to Reaction 3-17, consuming the boron source.

B,0; +3Mg0 = Mg,B,0, Reaction 3-17

Such a barrier layer can be removed more efficiently by molten MgCl2 than KCI due to the
higher solubility of MgO in MgCl.. Hence, although the boron/chromium ratio is the same in the
raw materials, synthesis in the molten KCI/LiCl yields CrB instead of CrB>. Bao et al also studied
the difference of different chloride salts as a medium for the synthesis of TiB2, reporting MgCl: as
the most effective salt among MgClz, NaCl, and KCI in accelerating the magnesiothermic

reduction and TiB2 formation due to the higher solubility of Mg in MgCl2 [117].
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3.6.4. Conclusions

A scalable method to synthesize nanosized chromium borides via magnesiothermic
reduction assisted by molten salt is developed. The formation mechanism of nanosized chromium
borides in molten salt bath is discussed. The stoichiometry of the chromium borides can be

controlled by the type of molten salt.
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Chapter 4 Grain Structure Modification Enabled by Nanoparticles

Grain structure is vital to the properties of metallic crystalline materials. Grain refinement
can contribute to increased microstructural homogeneity, enhanced mechanical properties, and
improved processability. Ultrafine grained metals can offer superior strength. On the other hand,
bimodal grain structure is an effective strategy to achieve strength-ductility synergy. There has
been a continuous effort to tune the grain structures of metals. However, the current processing
methods to engineer the grain structures suffer from high cost and limited scalability. This chapter
will investigate the control of grain nucleation and growth by nanoparticles and present two types
of unique grain structures in Cu enabled by nanoparticles via regular casting, i.e., ultrafine grained
Cu [54] and bimodal grained Cu [119]. Refining as-solidified grains of metals to the ultrafine and
even nanometer scale by nanoparticles via slow cooling has been recently discovered. Here, we
report a facile and scalable manufacturing method of bimodal grained Cu by casting followed with
hot rolling of metals containing nanoparticles. Besides, microparticles (CrB and CrB2) with surface
nanofeatures due to coalescence of nanoparticles can also enable ultrafine/nano grains via slow
cooling. The discovery in this chapter not only advances the fundamental understating of grain
nucleation and growth control during solidification but also has great potential to advance the mass

production of bimodal and UFG/nanocrystalline metals for widespread applications.

4.1 Thermally Stable Ultrafine Grained Cu Induced by Microparticles with
Surface Nanofeatures

4.1.1 Introduction
Grain refinement is an effective method to achieve enhanced properties for metals, including,

but not limited to: higher strength/hardness and ductility, better microstructural homogeneity, and
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improved processability[90,120,121]. Ultrafine-grained (UFG)/nanocrystalline materials exhibit
novel properties[122]. Althoughthe investigation and development of UFG/nanocrystalline metals
have been conducted for decades, their applications in industry are still limited. The current
fabrication methods of UFG/nanocrystalline metals are very difficult to scale up for mass
production. Traditionally, UFG/nanocrystalline materials are prepared by severe plastic
deformation (SPD)[123], rapid cooling[124], mechanical alloying[125], electrodeposition[126],
crystallization of amorphous solids[127], etc. Mass production of large-scale UFG/nanocrystalline
metals with complex geometries via the aforementioned methods is rather challenging.

Recently, a breakthrough was made to fabricate bulk UFG/nanocrystalline metals for the first
time via slow-cooling through a continuous nucleation and growth control mechanism enabled by
nanoparticles[90]. The dispersed nanoparticles not only effectively modify the solidification
behavior, but also significantly enhance material properties. The ex-situ fabrication of metals
containing nanoparticles can be expensive due to the high cost of nanoparticles on the market. On
the other hand, although microparticles have been proven to show a grain refining effect during
metal and alloy solidifications, the achievable grain size fails to reach the ultrafine scale[128].
Various studies have been conducted regarding the transfer of particles into molten metals. A
molten-salt-assisted method was employed to incorporate ex-situ TiC nanoparticles into molten
aluminum[89]. The transfer of nanoparticles from organic solvent to low-melting-point molten
metal was also reported[129]. It is of interest to investigate if microparticles with surface
nanofeatures could refine grains down to the ultrafine scale.

In addition, stabilizing the ultrafine/nano grains is crucial, especially in high-temperature
applications to maintain their excellent properties. UFG/nanocrystalline metals, especially pure

ones, tend to coarsen upon thermal exposure and mechanical loading[130]. Cu grains of 300-400
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nm coarsen after annealing at ~0.35Tm (Tm is the melting point) for 30 min[131], while Cu
nanograins coarsen even at room temperature[132]. Various fundamental studies[133-135] have
been conducted to understand the grain stabilization mechanism and to improve the thermal
stability of UFG/nanocrystalline metals. Two pathways, i.e., reducing the grain boundary energy
(thermodynamically)[136] or limiting the grain boundary mobility (kinetically), have been proven
to effectively inhibit grain growth of ultrafine/nano grains. As-milled W-20 at.% Ti with a grain
size of about 20 nm retained the nanostructure even after annealing at 1100 °C for 1 week[136].
As-cast UFG Cu stabilized by WC nanoparticles was thermally stable up to 0.75 Tm[90]. However,
high thermal stability of as-cast metals containing microparticles has not yet been reported.

Here, we report that microparticles with surface nanofeatures can also effectively refine metal
grains to the ultrafine and even nanoscale during slow solidification. The microparticles and
surface nanofeatures are formed by the coalescence of nanoparticles. More specifically, CrB/CrB2
nanoparticles were synthesized by a simple and scalable route: molten-salt-assisted
magnesiothermic reduction, with oxides of chromium and boron as sources. The CrB/CrB:
nanoparticles can then be selectively incorporated into molten Cu while the synthesis by-products
remain in the molten salt. The UFG Cu exhibits exceptional thermal stability without grain
coarsening even after annealing at 600 °C (0.55 Tm) for 1 h. Moreover, mechanical properties of

the Cu/CrB and Cu/CrB2 samples are significantly enhanced over pure Cu.

4.1.2 Materials and Methods

(1) Synthesis of CrB and CrB2 nanoparticles
See Chapter 3.6.2.

(2) Incorporation of CrBand CrB: into Cu
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In order to incorporate CrB/CrB: into Cu, two methods were employed.

The nanoparticles were washed out from the synthesis product first, and then incorporated
into Cu using the molten-salt-assisted self-incorporation method. In detail, CrB nanoparticles,
borax (Na2B40O7), and CaF2 were mixed in a volume ratio of 1:49:1.8. Pure Cu was first heated to
1250 <C in a graphite crucible by an induction heater under argon protection. The mixture of
nanoparticles and salts was gradually added on top of molten Cu, accompanied by manual mixing
with a graphite rod. After holding at 1250 <C for 30 min, the melt was cooled in furnace. Using
this method, Cu/4.2 vol.% CrB was fabricated.

To avoid the tedious nanoparticle extraction, the reacted mass was first broken into pieces
and then mixed with borax and CaF2 in the same amount as mentioned above, based on the
designed weight of CrB/CrB2 nanoparticles in the reacted mass. As shown in Figure 3-37b, pure
Cu was placed at the bottom of a crucible, and the mixture was placed on top. The crucible was
then heated to 1000 <C, where the salt was melted and manually stirred. The temperature was then
raised to 1250 <C and held for 30 min to allow nanoparticles to migrate into Cu before cooling to
room temperature in a furnace. Cu/16.7 vol.% CrB and Cu/15.1 vol.% CrB2 were fabricated
through this strategy.

(3) Characterization

The CrB nanoparticles extracted from the reaction product were examined by scanning
electron microscopy (SEM, ZEISS Supra 40VP) and scanned by x-ray diffraction (XRD, Bruker
D8) using Cu Ka radiation with a step size of 0.05<at a speed of 4min. To investigate the phases
of the Cu/CrB and Cu/CrB2 samples, XRD analysis was conducted under the same conditions
mentioned above. To characterize the microstructure of the Cu/CrB and Cu/CrB2 samples,

specimens were cut from the bulk samples, ground, and polished. The specimens were further
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cleaned by low-angle ion milling (Model PIPS 691, Gatan) at 4<and 4.5 kV for 1 h to reveal
CrB/CrB:2 particles in the Cu matrix. These samples were examined via SEM equipped with energy
dispersive X-ray spectroscopy (EDS). The volume percentage of CrB/CrB2 particles in Cu was
calculated based on the weight percentages of Cu and Cr from EDS mapping data.

Focused ion beaming imaging (FIB) by FEI Nova 600 was utilized to reveal the grain
structures of Cu/CrB and Cu/CrB2 samples, with granular contrast induced by the ion beam due to
the channeling contrast[137]. Cu/16.7 vol.% CrB and Cu/15.1 vol.% CrB2 were further analyzed
by electron backscatter diffraction (Oxford EBSD on FEI Quanta 3D SEM). In order to evaluate
the thermal stability of the Cu grains in Cu/CrB and Cu/CrB2, the as-cast Cu/CrB and Cu/CrB;
samples were annealed at 600 °C for 1 h. The as-cast Cu/15.1 vol.% CrB2 sample was further hot
forged at 1000 °C. The grain structures after the aforementioned heat treatment were also
characterized by FIB imaging. The solidification behaviors of Cu/16.7 vol.% CrB and pure Cu
samples (both ~15 mg) were analyzed by differential scanning calorimetry (DSC, TA Instrument
600). Samples were heated to 1150 T at 40 <T/min and cooled at 5 <T/min in Ar flow. To observe
the morphology of the CrB particles, a FeCls/DI water solution was used to dissolve the Cu matrix
of Cu/16.7 vol.% CrB sample, and CrB particles were washed and collected in a centrifuge.

The microhardness of the Cu/CrB and Cu/CrB2 samples was measured using an LM 800AT
microhardness tester with a load of 100 g and a dwell time of 10 s. Young’s modulus was
determined by an MTS nanoindenter with a Berkovich tip with an indent depth of 2 um. Each
Y oung’s modulus and microhardness datarepresents ten measurements at random spots at ambient
temperature. The as-cast Cu/CrB2 samples were hot forged at 1000 °C into 1.7-mm-thick sheets
(85% thickness reduction). Tensile bars with a gauge length of 1.2 cm and a gauge width of 4 mm

were machined by electrical discharge machining (EDM) from the Cu/CrB2 sheets. Tensile tests
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of Cu/CrB2 were conducted on an Instron Universal Testing System equipped with a video

extensometer at a constant speed of 0.5 mm/min.

4.1.3 Results and Discussion
(1) Microstructure of Cu containing CrB and CrB2 microparticles with surface nanofeatures

We synthesized CrB and CrB2 nanoparticles from B2Osand Cr.O3 powdershby a new scalable
molten-salt-assisted magnesiothermic reduction method (as shown in Figure 3-37a). The average
particle size of synthesized CrB is about 200 nm (Figure 3-38). See supplemental text for the
reaction mechanism analysis of the synthesis and characterization of the extracted nanoparticles.
A novel molten-salt-assisted selective incorporation method was developed to incorporate as-
synthesized CrB/CrB:2 nanoparticles into molten Cu (Figure 3-37b). The underlying mechanism of
the selective incorporation is ascribed to the reduction of the system’s Gibbs energy, which
depends on the interfacial energy between nanoparticles and the molten metal. Although the
reaction byproduct (MgO) and possible residual reactants were present during the incorporation,
they essentially have a higher interfacial energy with molten Cu than with molten salt, so they
prefer to remain in the molten salt. Meanwhile, the molten salt partially dissolved the oxide layer
on the surface of molten metal, as shown in Figure 3-37b, enabling direct contact between the
molten metal and nanoparticles and the subsequent incorporation of nanoparticles that had good
wettability with the molten metal. The successful selective incorporation of different nanoparticles
by this method was proven by the samples’ XRD patterns. The XRD patterns of Cu containing
16.7 vol.% CrB and 15.1 vol.% CrB: are shown in Figure 4-1f and Figure 4-1i, respectively, with
peaks indexed as Cu, CrB, and CrB2. XRD analysis also confirms that no phase transformation

occurred during the incorporation processing. Cu/4.2 vol.% CrB was fabricated using extracted
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pure CrB nanoparticles, with the XRD patterns of this sample shown in Figure 4-1c. The only
difference between Figure 4-1c and Figure 4-1f is that CrB peaks are relatively stronger in Figure
4-1f due to the higher volume percentage of CrB. Thus, the molten-salt-assisted selective
incorporation method is effective and avoids tedious nanoparticle extraction procedures.

The microstructures of as-cast Cu containing different volume percentages of CrB and CrBz
are shown in SEM images in Figure 4-1. First, CrB and CrB2 become microparticles in the Cu
matrix, with apparent size larger than as-synthesized nanoparticles. Both CrB and CrB:
microparticles in the Cu matrix exhibit irregular shapes with various concave and convex faces (as
shown in Figure 4-1b, e, h), suggesting that the microparticles were formed by the coalescence of
as-synthesized nanoparticles during the high-temperature processing in molten Cu. After all, the
processing temperature (1250 <C) is more than half of the melting temperature of CrB (2100 <C)
and CrB2 (2200 <C). Further characterizations reveal that these microparticles in the Cu matrix
have surface nanofeatures (described in detail in section 3.2).

The CrB and CrB2 microparticles are dispersed and uniformly distributed in the Cu matrix.
For Cu/4.2 vol.% CrB, as shown in Figure 4-1a, although the CrB microparticles form particle-
rich zones, these zones are uniformly distributed in the Cu matrix. When the CrB volume
percentage increases to 16.7%, as shown in Figure 4-1d, the entire Cu matrix contains embedded
CrB microparticles. The uniform distribution of CrB2 microparticles in Cu/15.1 vol.% CrB: is
shown in Figure 4-1g. The uniform distribution of microparticles with surface nanofeatures in the
Cu matrix is expected to lead to isotropic properties in the samples. No reaction between the

CrB/CrB2 microparticles and the Cu matrix was observed at the interface.
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Figure 4-1 Microstructure and phase analysis of Cu containing CrB and CrB, microparticles.

(a,b) SEM images of Cu/4.2 vol.% CrB. (c) XRD patterns of Cu/4.2 vol.% CrB. (d,e) SEM

images of Cu/16.7 vol.% CrB. (f) XRD patterns of Cu/16.7 vol.% CrB. (g,h) SEM image of

Cu/15.1 vol.% CrB,. (i) XRD patterns of Cu/15.1 vol.% CrB,

(2) Bulk UFG/nanocrystalline Cu induced by microparticles with surface nanofeatures via slow
cooling

We characterized the grain structures of the bulk as-cast Cu samples containing different
volume percentages of CrB and CrB2 microparticles. The UFG/nanocrystalline Cu is shown in
Figure 4-2, revealed by the channeling contrast of focused ion beam (FIB) imaging. As CrB
particles form particle-rich zones in the Cu/4.2 vol.% CrB sample, FIB imaging of a typical area

inside the particle-rich zone in Cu/4.2 vol. CrB is shown in Figure 4-2a. It is noteworthy that the
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grains nucleated on the CrB microparticles (as indicated by the dashed circle) have a considerably
smaller size than other grains, indicating the effective grain refinement effect of CrB
microparticles with surface nanofeatures. Althoughthere are still a few grains larger than 1000 nm,
the average grain size in the particle-rich zone in Cu/4.2 vol.% CrB is 406.8 +239.6 nm, with a
grain size distribution shown in Figure 4-2b. Itshould be noted that Cu grain structure in the Cu/4.2
vol.% CrB sample is heterogeneous due to the particle pseudo-dispersion. The purpose of showing
Figure 4-2a here is only to demonstrate the effective nucleation of Cu grains on the CrB particle
surfaces. A higher particle content (e.g., Cu/16.7 vol.% CrB and Cu/15.1 vol.% CrB2) is needed to
achieve uniform particle distribution, hereby inducing uniform Cu grains. Figure 4-2c shows the
typical grain structures in the Cu/16.7 vol.% CrB. The proportion of Cu grains larger than 1000
nm is lower compared to Cu/4.2 vol.% CrB, with an average grain size of 324.6 +184.4 nm (the
grain size distribution is shown in Figure 4-2d). The comparison between Figure 4-2a and Figure
4-2b reveals that a higher volume percentage of CrB microparticles with surface nanofeatures can
yield a smaller grain size of Cu. Figure 4-2e represents the typical grain structure of Cu/15.1 vol.%
CrB2, which has an average grain size of 375.3 £182.9 nm, with the grain size distribution shown
in Figure 4-2f. More than 5% of the Cu grains in both Cu/16.7 vol.% CrB and Cu/15.1 vol.% CrB:
are smaller than 100 nm. Thus, microparticles with surface nanofeatures of different phases have

been proven to induce ultrafine/nanocrystalline grains during slow-cooling solidification.
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Figure 4-2 As-solidified bulk UFG/nanocrystalline Cu containing CrB and CrB, under regular

cooling. FIB image of (a) particle-rich zone in Cu/4.2 vol.% CrB, (c) typical Cu/16.7 vol.% CrB,

and (d) typical Cu/15.1 vol.% CrB, revealing grain structures with grain size distributions in (b),

(d), and (f), respectively
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EBSD was utilized to further confirm the ultrafine/nanocrystalline grain structure. The EBSD
mapping of Cu/16.7 vol.% CrB is shown in Figure 4-3a, with the IPF coloring shown in Figure 4-
3b. The black lines correspond to high-angle grain boundaries (GBs) with misorientation larger
than 10< while red lines correspond to low-angle GBs with misorientation between 5<and 10<
CrB microparticles are represented by a grey color, whose orientations were not indexed during
EBSD characterization. The EBSD data agrees well with the FIB imaging data. The grain size
characterization results confirm that the incorporation of CrB/CrB2 microparticles with surface
nanofeatures substantially refine the grain size of Cu to the ultrafine/nanoscale via slow cooling.

We used DSC to study the solidification behavior of Cu containing microparticles with
surface nanofeatures. The cooling curves of molten Cu/16.7 vol.% CrB and pure Cu are shown in
Figure 4-3c. The exothermic peak indicating the initiation of solidification started at 1030 °C for
pure Cu, corresponding to an undercooling of 53 °C. Meanwhile, the solidification of Cu/16.7 vol.%
CrB started at 1070 °C with an undercooling of 13 °C, indicating that CrB microparticles with
surface nanofeatures enable easier nucleation of Cu solids. More importantly, the exothermic peak
of Cu/16.7 vol.% CrB is 50% wider and less intense than pure Cu, indicating a continuous
nucleation of Cu grains induced by the CrB microparticles with surface nanofeatures.

The morphology of extracted CrB microparticles with surface nanofeatures from the as-cast
UFG Cu/16.7 vol.% CrB sample is shown in Figure 4-3d and Figure 4-3e. The coalescence of as-
synthesized CrB nanoparticles forms CrB microparticles that display surface nanofeatures with
large curvatures. Incontrast, the morphology of the extracted CrB microparticles in Cu with micro-
sized grains is shown in Figure 4-3f. As-solidified Cu shows micro-sized grains and dendrites
(shown as the inset in Figure 4-3f) when CrB microparticles grew further, losing surface

nanofeatures and exhibiting relatively smooth surfaces with no submicron CrB particles coalesced
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to the surface anymore. This comparison suggests that the ability of CrB microparticles to induce
ultrafine/nanocrystalline grains is related to the surface morphology of CrB microparticles. The
substantial grain refinement effect down to the ultrafine/nanoscale can be attributed to the
continuous heterogeneous nucleation and grain growth restriction induced by chromium boride
(CrB/CrB2) microparticles with surface nanofeatures. It should be noted that although we started
with synthesized nanoparticles, we prove for the first time that microparticles with surface
nanofeatures can effectively refine grains down to ultrafine/nanoscale sizes. It is thus anticipated
that manipulating the surface morphology of microparticles for incorporation in metals, such as
fabricating surface nanofeatures, can be an effective pathway to enable as-cast

UFG/nanocrystalline metals.
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Figure 4-3 UFG/nanocrystalline Cu induced by microparticles with surface nanofeatures. (a)
EBSD mapping of Cu/16.7 vol.% CrB, with (b) corresponding IPF coloring. (¢) DSC cooling
curves of Cu/16.7 vol.% CrB and pure Cu. (d) Morphology of extracted CrB microparticles from

Cu/16.7 vol.% CrB. (e) Magnified image of the boxed area in (d) displaying nanofeatures. (f)
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Extracted CrB microparticles without surface nanofeatures from Cu with micro-sized grains
shown as the inset
(3) Thermal stability of UFG/nanocrystalline Cu

To evaluate the thermal stability of the UFG/nanocrystalline Cu, the Cu/16.7 vol.% CrB and
Cu/15.1 vol.% CrB2 samples were annealed at 600 °C for 1h. The UFG/nanocrystalline Cu in this
study is proven to be thermally stable, with grain structures after annealing shown in Figure 4-4.
For annealed Cu/16.7 vol.% CrB, the grain size remains ultrafine (335.4 +160.1 nm), as shown in
Figure 4-4a and 4-4b. The grain structures of the annealed Cu/15.1 vol.% CrB2 sample are shown
in Figure 4-4c. The average grain size is also ultrafine (378.4 £225.0 nm), with the corresponding
grain size distribution shown in Figure 4-4d. It is noted that the fractions of grains smaller than
100 nm are decreased in both samples after annealing. Compared to the grain sizes of the as-cast
samples, there is no grain coarsening even after annealing at 600 °C for 1h. The ultra-high thermal
stability of the cast UFG/nanocrystalline Cu grains in Cu/CrB and Cu/CrB2 is comparable to UFG
Cu stabilized by WC nanoparticles[90].

As grain coarsening can occur upon both thermal exposure and mechanical loading, the
Cu/15.1 vol.% CrB2 sample was further subjected to hot forging at 1000 °C. As shown in Figure
4-4e, although the Cu grains grow, a few grains smaller than 2000 nm surprisingly remained intact.
The average grain size is measured to be 2.04 + 1.66 um, with the grain size distribution shown in
Figure 4-4f (more than 25% of grains smaller than 1 pum). Besides, there is a high density of
through-grain twins formed. Notably, the thicknesses of the twin lamellae, indicated by blue
arrows in Figure 4-4e, are submicron and even nanoscale. From literature, it was challenging to
fabricate metals with a high density of twins/nanotwins[138]. A few annealing nanotwins were

detected in annealed UFG Cu/TiC samples[134]. It was also reported that twins were observed to
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lower grain boundary energy in nanocrystalline Cu with initial grain size smaller than 75 nm during
mechanical loading at room temperature[130]. In this study, the formation of twins/nanotwins can
originate from both annealing and deformation. Future study, including high-resolution TEM, is
needed to study the twinning structure and twin-forming mechanism in metals containing
microparticles with surface nanofeatures.

Variations of the grain size in the Cu/CrB and Cu/CrB2 samples as a function of different
conditions are summarized in Figure 4-4g. The CrB/CrB2 microparticles exert a restriction force
on grain boundaries, kinetically restraining grain growth. According to the Zener pinning effect,

the maximum grain size (d) after annealing can be predicted by Equation 4-1[90]:

d=— Equation 4-1
3Vp

where r is the radius of particles and V,, is the volume fraction of particles. Accordingly, the grain
size of annealed Cu/15.1 vol.% CrB: (particle diameter: 1.8 = 1.1 um) is calculated to be 8 um,
which is much larger than the observed grain size. The theoretical interparticle spacing (d;,,;o,)
can be predicted to be 2.7 um by Equation 4-2[90].

dipoor = r(:T”p) 1/3 Equation 4-2

The grain sizes of the as-cast and annealed Cu/15.1 vol.% CrB2 are much smaller than d;,,.,,,
but approach d,,,,., after hot forging. Itis believed that grain growth during hot forging is impeded
by the interparticle spacing, as indicated by the yellow arrow in Figure 4-4e. The high thermal
energy and strain energy during hot forging provide a large driving force for grain growth, while
it is assumed that the thermal energy during annealing (0.55 Tm) does not provide enough driving
force for grain growth due to the restriction by microparticles with surface nanofeatures.
Additionally, the twin boundaries are anticipated to play a role in the high thermal stability. Twin

boundaries are coherent with relatively low energy, exhibiting much higher thermal and
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mechanical stability than traditional high angle grain boundaries[138]. Deformation by twinning

can also lead to grain boundary relaxation, which in turn will help stabilize nanograins[130].
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Figure 4-4 Thermal stability of UFG/nanocrystalline Cu/CrB and Cu/CrB,. FIB image of (a)

Cu/16.7 vol.% CrB after annealing at 600 °C for 1 h, (c) Cu/15.1 vol.% CrB, after annealing at
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600 °C for 1 h, (e) Cu/15.1 vol.% CrB, after hot forging at 1000 °C, with (b), (d), and (f)

representing grain size distributions, respectively. (g) Summary of Cumatrix grain size as a
function of different thermal conditions

(4) Enhanced mechanical properties of Cu/CrB and Cu/CrB2

Microhardness of the Cu/CrB and Cu/CrB2 samples versus particle volume percentage is
shown in Figure 4-5a. With the addition of CrB (represented by blue squares), the microhardness
of the samples increased remarkably compared to pure Cu samples. Average microhardness for
the Cu/4.2 vol.% CrB is 93 £22.7 HV, and that of Cu/16.7 vol.% CrB is 136 +7.8 HV, whereas
pure Cu processed by the same conditionsis 74 HV. There is a roughly linear correlation between
the microhardness of the Cu/CrB samples and the CrB volume percentage, which can be
summarized as:

H, =74 +3.7V, Equation 4-3
where H,. is the microhardness (HV) of the Cu/CrB samples. The microhardness of Cu/15.1 vol.%
CrB2is 131.6 8.3 HV, which is represented by the red sphere in Figure 4-5a. It also roughly
follows the microhardness evolution trend for the Cu/CrB samples. Its yield strength (o)) is
converted from its Vickers hardness (H,) by Equation 4-4[139] to be 378.2 MPa.

o, = 2.874H, Eq. 4-4

The significant strengthening of Cu/CrB and Cu/CrB2 compared to pure Cu can be attributed

to the Hall-Petch effect of refined grains (oyp), Orowan strengthening of dispersed particles
(AGy,owan)B1], load transfer to the particles (Ag,;)[140], and mismatch in the coefficients of

thermal expansion between the particles and the matrix (Ao ;;)[141], which can be calculated by
Equation 4-5 to 4-8.

Oyp = 0y + Equation 4-5

va
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Ao, = 1.5V, 0; Equation 4-6

AO-Orowan = 03.131011 ln% Equation 4-7
dp[ m—l]
_ 12AQATY, ] ]
Aderg = BGP( [5a v,y Equation 4-8

where g, and k are Hall-Petch constants, g; is the interfacial bonding strength between matrix and
particle, G and b are the shear modulus and Burger’s vector of the matrix, d,, is the diameter of
particles, Aa is the CTE difference, AT is the temperature difference between testing and
processing, and B is a material constant equal to 1.25. For Cu, g, is 25.5 MPa, and k is 0.12
MPam'2[134]. G is 47.7 GPa, and b is 0.265 nm[142]. a,, is 10.5 X 107°/K, ag, is
16.4 x 107% /K at 20 °C[143,144], and Aa is 5.9 x 107¢/K. Taking Cu/15.1 vol.% CrB: as an
example, d,, of CrBzis 1.8 + 1.1 pym. 0yp, AGp,gpans @Nd Ao,y are calculated to be 221.4 MPa,
15.1 MPa, and 83.5 MPa, respectively. Ao, is difficult to estimate as the interfacial bonding
strength is difficult to measure. Overall, the predicted value is close to the experimental value. It
is noteworthy that since particles are located at the grain boundaries of the ultrafine grains,
modifications to the Orowan strengthening mechanism (Eq. 7) may be needed. Alternatively, an
enhanced k factorin the Hall-Petch effect (Eq. 5), due to the larger impedance to dislocation motion
by the presence of particles at the GBs may apply [145]. Nevertheless, the major contribution to
strengthening comes from grain boundary strengthening.

The Young’s modulus of the Cu/CrB and Cu/CrB2 samples versus particle content is shown
in Figure 4-5b. The Young’s modulus values of Cu/4.2 vol.% CrB and Cu/16.7 vol.% CrB are 138
+24.3 GPaand 173.7 £59.1 GPa, respectively. The Yong’s modulus enhancement is very obvious
considering that of pure Cu is only 115 GPa[58], resulting from the high Young’s modulus of

chromium borides and their strong bonding to the matrix. Besides, the Cu/15.1 vol.% CrB2 shows
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a Young’s modulus of 162.1 + 23 GPa, which falls slightly below the trend for Cu/CrB samples.
Average Young’s modulus values of CrB and CrB2 are 522 GPa and 442 GPa, respectively[111].
The upper limit of Young’s modulus for the composite can be calculated by Equation 4-9[98],
E.=E,x(1-V)+E, XV, Equation 4-9
where E., E,,, and Ep are Young’s modulus of the composite, matrix, and reinforcement particles.

The predicted Young’s moduli of Cu/4.2 vol.% CrB, Cu/16.7 vol.% CrB, and Cu/15.1 CrB: are
132.1 GPa, 183.0 GPa, and 164.4 GPa, respectively. The experimental values agree well with the
theoretical values. Thus, the lower Young’s modulus of the Cu/CrB2 is due to the lower modulus
of the CrB2reinforcement particles.

In general, CrB has higher hardness and Young’s modulus than CrB2[103,111]. The
mechanical property difference between CrB and CrB: is directly linked with the Y oung’s moduli
difference between the Cu/CrBx composite samples due to the rule of mixture. Meanwhile, it is
not obvious when comparing microhardness of the Cu/CrBx samples since other factors such as
particle size, matrix-particle interfacial bonding strength, and grain size of the matrix can also
affect the microhardness of the composite samples.

The typical tensile stress-strain curve of the hot-forged Cu/15.1 vol.% CrB2 sample is
illustrated in Figure 4-5c. The yield and tensile strengths are determined to be 286.3 MPa and
353.0 MPa, respectively. Compared to M20 pure Cu (C10100, 99.99% Cu, as-hot rolled) with a
similar sheet thickness, the yield strength of Cu/15.1 vol.% CrB: increased by 217.3 MPa (315%),
and the tensile strength increased by 118 MPa (50%)[58]. Assuming other strengthening effects
remain constant, the yield strength decrease due to the grain growth (lager d) in hot forging is
calculated by Eqg. 5 as 111.9 MPa. The yield strength of the as-cast Cu/15.1 vol.% CrB:2 is

converted from microhardness (Eq. 4) to be 378.2 MPa. Thus, the yield strength of the hot-forged
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sample is estimated to be 266.3 MPa, which is 20 MPa lower than the value shown by the tensile
test. Lu et al. reported that coherent boundaries, especially nanoscale twin boundaries, can
simultaneously increase strength and ductility[138]. Thus, it is anticipated that the extra
strengthening of the hot-forged sample results from the high-density twinning, including

nanotwinning structures within the grains, as they can partially obstruct dislocation motion.
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Figure 4-5 Enhanced mechanical properties of UFG/nanocrystalline Cu/CrB and Cu/CrB, (a)

Microhardness versus volume percentage. (b) Young’s modulus versus volume percentage. (c)

Tensile stress-strain curve of hot forged Cu/15.1 vol.% CrB,

4.1.4 Summary

In summary, it was discovered that as-cast bulk UFG Cu can be directly achieved by
microparticles with surface nanofeatures under slow cooling. The microparticles with surface
nanofeatures, which were formed by the coalescence of nanoparticles, induce substantial grain
refinement down to ultrafine/nano scale. Additionally, exceptional thermal stability of the
UFG/nanocrystalline Cu was revealed, showing negligible grain growth after annealing at 600 °C
(0.55 Tm) for 1 h. Mechanical properties, including microhardness, strength, and Young’s
modulus of the UFG Cu were remarkably enhanced over pure Cu. This pathway of fabricating

bulk UFG metals, assisted by microparticles with surface nanofeatures, has the potential to be
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extended to other materials and greatly advance the mass production and application of

UFG/nanocrystalline metals, even for high-temperature environments.

4.2 Facile Manufacturing of Bimodal Grained Cu with Nanoparticles

4.2.1. Introduction

Ultrafine grained (UFG)/nanocrystalline metals often exhibit superior strength but limited
ductility. Engineering bimodal grain size distributions in UFG/nanocrystalline metals is an
effective strategy to achieve strength-ductility synergy [146,147]. Bimodal grained copper (Cu)
with micro-sized grains embedded in ultrafine grains displayed a high strength comparable to the
UFG Cu counterpart while reaching a high tensile ductility (65% elongation to failure) [147].
Nanocrystalline iron with high strength (ultimate compressive strength: 2.25 GPa) and large
plasticity (40%) was achieved due to the bimodal grain size feature [148]. The underlying
mechanism is that while the ultrafine/nanoscale grains impart high strength to the material
according to the Hall-Petch effect, the heterogeneous grain structure enables pronounced strain
hardening to sustain the uniform deformation to large strains [147].

Bimodal grained metals were fabricated by two approaches, i.e., top-down and bottom-up
[149]. Initial coarse-grained metals were converted into metals with bimodal grain size
distributions by severe plastic deformation often at cryotemperature and subsequent annealing
[147]. Consolidating mixture of milled powders and un-milled powders was utilized to fabricate
bimodal grained samples from bottom-up [150,151]. Ingeneral, these methodsare difficult to meet
the mass production requirement of parts with large sizes and complex geometries.

Recently, it was discovered that bulk UFG/nanocrystalline metals can be fabricated by

casting with slow cooling enabled by nanoparticles [90]. Molten-salt assisted nanoparticle
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incorporation has been developed to fabricate various metals containing dispersed nanoparticles
via solidification processing [89,90]. Additionally, it was reported that grain boundary migration
is subjected to both heat treatment and plastic deformation, while nanoparticles can effectively
restrict grain growth [90,130,133]. Hence, it is of interest to investigate fabrication of bimodal
grained metals by hot rolling of as-solidified UFG metals enabled by nanoparticles, since casting
and hot rolling are commonly used in metal processing industry. Additionally, nanoparticles can
further enhance the material properties (e.g., strength, wear resistance) and modify phase
morphologies of alloys, to meet the demands of high-performance materials.

Here, we report a facile and scalable manufacturing method of bimodal grained Cu by
casting followed with hot rolling of metals containing nanoparticles. As-solidified Cu/WC
displayed nanoparticle-rich zones, which were uniformly distributed in the Cu matrix. The Cu
matrix exhibit ultrafine/nanoscale grains induced by WC nanoparticles due to the enhanced
heterogeneous nucleation and growth restriction induced by WC nanoparticles. After hot rolling,
microscale-grain regions and ultrafine-grain regions were formed in the Cu matrix, leading to a

bimodal grain structure.

4.2.2. Experimental Procedure

The schematic of the two-step fabrication procedure is shown in Figure 4-6a. First, WC
nanoparticles were incorporated into Cu by the molten-salt assisted nanoparticle incorporation
method [52,89] with borax (Na2B4O7) as the salt flux. WC nanoparticles were selected due to the
good wettability with molten Cu, which is essential to the successful incorporation [89,152].
Second, as-cast Cu/8 vol.% WC nanocomposite was hot rolled at approximately 500 <C witha total

thickness reduction of 85%. Specimens were cut from the bulk samples, ground, polished, and ion
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milled (Model PIPS 691, Gatan) at 4<and 4.5 kV for 1 h. Focused ion beaming (FIB) imaging by
FEI Nova 600 was utilized to reveal the grain structures of the samples. The granular contrast was
induced by the ion beam due to the channeling contrast [137,153]. Grain size analyses were

conducted on FIB images using image processing software.
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Figure 4-6. (a) Schematic of the two-step fabrication process of bimodal grained Cu. (b)

FIB image of as-solidified Cu/8 vol.% WC; (c) FIB image of a nanoparticle-rich zone

4.2.3. Results and Discussion

In this study, to achieve the heterogeneous grain structures, a heterogeneous distribution of
dispersed WC nanoparticles in Cu matrix is desired. The microstructure of as-solidified Cu/8 vol.%
WC is shown in Figure 4-6b and 4-6¢c. WC nanoparticles formed nanoparticle-rich zones in the Cu

matrix. It was found that the distribution of nanoparticles was affected by the type of salt flux used
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in the nanoparticle incorporation processing [52]. Na2B4Oz alone as the salt flux resulted in
nanoparticle-rich zones distinct from nanoparticle-sparse zones in the Cu matrix compared to
Na2B4O7 mixed with fluoride salt as the flux [52]. The Cu matrix was comprised of
ultrafine/nanoscale grains. The substantial grain refinement is ascribed to the continuous
heterogeneous nucleation and growth restriction mechanism by WC nanoparticles [90].

Bimodal grain features were engineered from the UFG Cu after hot rolling, with the grain
structures shown in Figure 4-7. As shown in Figure 4-7a, Cu grains grew to microscale in
nanoparticle-sparse  zones. Meanwhile, grains in the nanoparticle-rich zones remained
ultrafine/nanoscale. The average grain size of the coarse-grain regions (Figure 4-7b) and the fine-
grain regions (Figure 4-7d) is 6.3+3.5 um and 230.6+=125.8 nm respectively, with the analyzed
areas indicated by squares. The corresponding grain size distributions are shown in Figure 4-7c
and 4-7e. The stabilization of the ultrafine/nanoscale grains in the nanoparticle-rich zones is
attributed to the effective grain growth restriction by WC nanoparticles. Meanwhile, in
nanoparticle-sparse zones, dueto insufficient restriction, grains grew to microscale to reduce grain
boundary energy when subjected to plastic deformation combined with thermal exposure. The
nanoparticle percentage determines the area ratio between the coarse-grain and fine-grain regions
in a cross-section. Figure 4-7b shows that Cu/8 vol.% WC had a good combination of coarse-grain
regions and fine-grain regions. Cao et al. reported the high thermal stability of as-solidified UFG
Cu enabled by 5 vol.% WC nanoparticles. Grains in nanoparticle-rich zones were stable up to
850, and up to 600 <T in nanoparticle-sparse zones under annealing [90]. Nevertheless, Cu grains
in nanoparticle-sparse zones only grew to 269nm from 134nm even after annealing at 850 <C [90].
Hot rolling can facilitate grain coarsening at a lower temperature compared to annealing, which is

beneficial to form bimodal grain structures. The grain sizes of the coarse grains can be controlled
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by the hot rolling temperature, thickness reduction, and nanoparticle percentage. The grain sizes
of the fine grains can be mainly controlled by the nanoparticle percentage.

We demonstrate bimodal grained metals can be directly fabricated by casting followed with
hot rolling. Although bimodal grained metals containing nanoparticles were reported before, a
complex procedure was needed. Tang et al. [154] reported that Al (5083)/SiC nanocomposite
samples prepared by the sequence of cryomilling, hot isostatic pressing, and hot rolling displayed
coarse grain regions (interparticle) in a fine grain matrix (innerparticle).

Itis noteworthy that through-grain twinswere observed in the coarse grains after hot rolling,
as shown in Figure 4-7a. The microstructure of hot-rolled Cu/WC combining bimodal grains, twins,
and nanoparticles is expected to contribute to much-enhanced properties.

The grain size distributions of the matrix after hot-rolling-induced grain growth is strongly
affected by the distribution of nanoparticles. With a heterogeneous distribution of nanoparticles,
heterogenous grains are achieved, with the schematic shown in Figure 4-8a. On the other hand, it
is anticipated that if nanoparticles are homogeneous in the Cu matrix, Cu grains can remain
ultrafine after hot rolling due to the homogeneous grain growth restriction by nanoparticles, with
the schematic shown in Figure 4-8b. For future work, it is of interest to investigate methods to
achieve different types of nanoparticle distributions in metals to enable various heterogeneous
grain structures. Besides, tensile tests will be conducted to quantify the mechanical properties.
Correlations will be established among grain sizes of both coarse and fine grains, nanoparticle
percentage, and processing parameters to potentially control the bimodal grain structures. It is also

of interest to identify nanoparticles besides WC for various systems.
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Figure 4-7. (a) Bimodal grain structures of hot-rolled Cu/8 vol.% WC; (b) FIB image at a
low magnification to show coarse-grain regions and (c) corresponding grain size distribution; (d)

ultrafine-grain region and (e) corresponding grain size distribution

Figure 4-8. Schematics of grain structures of hot-rolled Cu with (a) heterogeneous

distribution of nanoparticles; (b) homogeneous distribution of nanoparticles

4.2.4. Conclusions

In summary, bimodal grained Cu was fabricated via casting followed by hot rolling, with
the assistance of WC nanoparticles. The heterogeneous grain structure results from the distribution

of nanoparticles. As solidified Cu/WC displayed ultrafine/nanoscale Cu grains due tothe enhanced
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heterogeneous nucleation and restriction of grain growth by nanoparticles. Hot rolling facilitated
the growth of the Cu grains in the nanoparticle-sparse zones, while grains in the nanoparticle-rich
zones were stable owing to the effective grain growth restriction by nanoparticles. This simple

pathway can be potentially extended to other materials to advance the production of bimodal

grained metals.
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Chapter 5: Phase Modification of Cu Alloys by Nanoparticles

Cu alloys can offer distinct properties based on the alloying elements and heat treatment
conditions. However, the properties of traditional Cu alloys have reached certain limits, which can
hardly meet the increasing standards for higher system performance and energy efficiency.
Nanotechnology enabled metallurgy provides a new pathway to achieve significant performance
enhancement of Cu. In this chapter, the nanoparticle enabled phase modification in Cu alloys was
studied targeting the intermetallic phases (in high-Al bronze and CuZrSi alloy [155]), the solid
solution (in Cu4Al), and the precipitates (in CuCr alloy). We demonstrate that nanoparticles can
refine and modify the intermetallic phases, enhance the aging behavior, and mitigate the
intergranular corrosion in solid solution in Cu alloys to further improve the properties of the Cu
alloys. These findingsadvance the fundamental understanding of nanoparticle-enabled metallurgy,

which can be potentially applied to other alloy systems.

5.1 Enhanced Ductility of Hard Brittle High-Al Bronze

5.1.1 Introduction

Cu-Al alloys (aluminum bronze) are a series of alloys that exhibit distinct microstructures
and properties and find various applications depending on the aluminum contents. Among the
various Cu-Al alloys, high-aluminum bronze (Cu-14Al), with an aluminum content exceeding its
solubility in Cu, shows a microstructure of two intermetallic phases: the y2 (CugAls) and the
(AICus). High-aluminum bronze exhibits high hardness, superior wear resistance, and good sliding
properties. However, it suffers from an extremely low ductility due to the brittle nature of the

intermetallic phases.
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Recently, high-aluminum bronze has drawnattention for tooling and as a mold material for
drawing and forming stainless steel. The traditional mold materials for stainless steel drawing are
steels such as Cr12 and W18Crl14V [156]. However, the adhesion between the iron-based mold
material and the stainless steel dueto their miscibility can cause a low life expectancy of the molds
and scratch of the parts [156]. High-aluminum bronze is advantageous due to its low miscibility
with stainless steel apart from the above-mentioned mechanical properties. Nevertheless, the
extremely low ductility of the high-aluminum bronze strongly limits its application.

Adding other alloying elements can modify the microstructure of the high-aluminum
bronze and improve its properties. It was reported that iron (Fe) can not only act as a grain refiner
but also improve the ultimate tensile strength; nickel (Ni) improves yield strength and corrosion
resistance; nickel (Ni) and manganese (Mn) stabilize the microstructure [157]. Nonetheless, the
cast high-aluminum bronze (approximately 14 wt.% Al) with Fe and Mn has an elongation of 0.5%.

In addition, solidification control has been reported to tune the microstructure of Cu-Al
alloys for enhanced ductility. Cu-12Al single crystal wires were fabricated by the continuous
unidirectional solidification method [158]. Due to the high cooling rate, the p phase transformed
into B’ martensite phase, which avoided the more brittle y phase [158]. However, this method is
difficult to be scaled up for the production of large and complex parts.

Nanoparticle enabled phase modification (nano-treating) has been demonstrated recently.
Dispersed nanoparticles in the alloy melt can instill phase nucleation and growth control during
solidification. Arc welding of aluminum alloy 7075 was enabled by nanoparticle-enabled phase
control: TiC nanoparticles transformed the primary grains from dendrites to equiaxial ones and
induced a fine segmented eutectic phase [159]. Besides, nanoparticle-enabled grain refinement of

as-solidified pure Cu down to the ultrafine/nanoscale was discovered [90]. However, the phase
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modification of materials entirely comprised of intermetallics during solidification by
nanoparticles has not been studied.

Here, we report the effective modification of intermetallic phases in Cu-14Al by TiB2
nanoparticles to achieve improved ductility. Cu-14Al with 5 vol.% TiB2 nanoparticles was
fabricated. Its microstructure was examined and compared with the Cu-14Al counterpart.
Microhardness and tensile tests were conducted. Results showed that dispersed TiB2 nanoparticles
preferably stayed in the § phase and effectively modified the morphology and distribution of the y
phase. The mechanical properties of the nano-treated sample including microhardness and

especially the ductility were significantly increased over Cu-14Al.

5.1.2 Materials and Methods

Cu-14Al was alloyed by melting Al and Cu at 1200 °C. Cu-14Al/5 vol.% TiB2 was
fabricated by melting Al, Cu, and in-situ Cu-4Al/10 vol.% TiB2 at 1200 °C. KAIF4 was added and
Arwas purged to the surface of the melt to prevent oxidation. The melt was manually stirred using
a graphite rod and kept at 1200 °C for 20 min before cooling toroom temperature in air. Specimens
cut from the as-solidified bulk samples were ground and polished. The microstructure of the
samples wasobserved by optical microscopy and scanning electron microscopy (SEM, Zeiss Supra
40VP). The phases of the samples were analyzed by X-ray diffraction (XRD, Bruker D8) with Cu
Ko radiation. The microhardness of samples was measured using an LM 800AT microhardness
tester. Tensile bars with a gauge length of 1 cm were machined by electric discharge machining

(EDM). Tensile tests were performed at a strain rate of 5 x 1073 /min.
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5.1.3 Results and Discussion

The XRD patterns of the Cu-14Al/5 vol.% TiB2 and Cu-14Al are shown in Figure 5-1. The
phases of Cu-14Al were indexed as AlCus (B) and CugAls (y), while the phases of the nano-treated
sample were identified as AlCus (B), CuoAls (y), and TiB2. Thus, TiB2 nanoparticles were
stabilized in the Cu-14Al matrix without reaction between TiB. and the Cu-14Al matrix.
According to the Cu-Al phase diagram, upon solidification, the equilibrium phase of the alloy is

single-phase B. With temperature further decreasing, p phase partially transforms to vy, resulting in

ay + P dual phase microstructure.
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Figure 5-1 XRD patterns of Cu-14Al and Cu-14Al/5 vol.% TiB2
The microstructures of the nano-treated and pure Cu-14Al samples are shown in Figure 5-
2. Asshown in Figure 5-2a and 5-2c, the microstructure of Cu-14Alwas comprised of the y phase

embedded in the matrix of the  phase. Besides, some dendritic y were observed. The y phase also
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formed along the grain boundary of the  phase, separating the 3 grains. It is anticipated that the
grain boundaries of the B phase are favorable sites for the phase transformation due to the higher
energy state of the grain boundaries than grain interiors. The brittle y phase at the grain boundary
can cause an intergranular fracture. Overall, the unfavorable microstructure of the intermetallic
phases in Cu-14Al leads to its extreme brittleness.

On the contrary, the nano-treated sample exhibit a distinct microstructure compared to the
Cu-14Al counterpart, as shown in Figure 5-2b and 5-2d. The TiB2 nanoparticles preferably stayed
in the p phase and formed a net-like distribution in the p phase. The morphology and distribution
of the y phase were altered from the Cu-14Al sample. First, the y phase was significantly refined.
Second, no dendritic y was observed. Instead, the y phase showed a globular morphology.
Moreover, no y phase was present at the grain boundary.

The mechanism of the modified intermetallic phases of Cu-14Al by TiB2 nanoparticles is
proposed as follows. The net-like distribution of TiB2 nanoparticles in the B phase roughly
separates the B phase into individual B cells, which are surrounded by TiB2 nanoparticles. TiB2
nanoparticles act as heterogeneous nucleation sites of the y phase for the phase transformation to
occur. The nanoparticles, as heterogeneous nucleation sites, are more energy favorable than the
grain boundaries of the B phase, thereby eliminating the presence of brittle y phase at the grain
boundaries. Besides, phase transformation is confined in such cells surrounded by nanoparticles
so the y phase grows within the interior of the f cells. Thus, the y phase shows refined and globular

morphology. The microstructure in Figure 5-2d also corroborates with this proposed mechanism.
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Figure 5-2 Microstructure of (a, ¢) Cu-14Al and (b, d) Cu-14Al/5 vol.% TiB2

The mechanical properties of both pure alloy and the nano-treated alloy were evaluated
and compared. The microhardness of the nano-treated sample is 397.5 +12.0 HV, which is 53.3
HV higher than that of the Cu-14Al (344.2 £7.6 HV). The hardness increase comes from the
Orowan strengthening by TiB2 nanoparticles and refined y phase. It is also anticipated that
nanoparticles can potentially further increase the wear resistance of the alloy.

The stress-strain curves of Cu-14Al/5 vol.% TiB2 and Cu-14Al are shown in Figure 5-3.
The failure of Cu-14Al occurred in the very early stage, with extremely low ductility and tensile
strength. The elongation and ultimate tensile strength of the nano-treated sample are significantly

higher than the pure alloy.
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The average ultimate tensile strengths and elongations of the samples are summarized in
Table 5-1. The ductility of the nano-treated sample is 1.040.02%, 10 times that of the pure alloy
(0.140.05). The ultimate tensile strength of the nano-treated sample and the control sample is
548.148.7 MPa and 138.8%+14.2 MPa, respectively. The mechanism for improved ductility is
attributed to the modified morphology and distribution of the intermetallics by TiB2 nanoparticles.
In pure Cu-14Al, the brittle and large y phase, especially those located at the grain boundaries can
act as crack initiation sites, leading to rapid failure under tensile conditions. In the nano-treated
sample, the refined y phase, its transition from dendritic to globular, and the elimination of brittle
vy at the grain boundary can effectively mitigate crack formation and propagation, thereby
increasing ductility. Moreover, itis expected that the TiB2 nanoparticles in the  phase can possibly
deflect crack propagation through B phase, thereby increasing the elongation of the nano-treated
sample.
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Figure 5-3 Stress-strain curve of (a) Cu-14Al/5 vol.% TiB2; (b) Cu-14Al
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Table 5-1 Summary of ultimate tensile strength and elongation of Cu-14Al and Cu-

14Al/5 vol.% TiB>

Sample UTS (MPa) Elongation (%)

Cul4Al/5 vol.%

TiB, 548.148.7 1.040.02

Cul4Al 138.8+14.2 0.140.05

5.1.4 Conclusions

In summary, the effectiveness of nanoparticles to modify the intermetallic phases in the
Cu-14Al alloy to alleviate its brittleness is revealed. The TiB2 nanoparticles in the f phase act as
preferable heterogeneous nucleation sites of the y phase during solid-state phase transformation.
Moreover, phase transformation is confined in such cells surrounded by nanoparticles. Thus, the
very brittle y phase is effectively refined, transformed to globular appearances, and eliminated at
the grain boundaries. The elongation of the nano-treated sample is significantly improved. It is
anticipated that nano-treating of the hard but brittle high-aluminum bronze can expand its
applications. Nano-treating has great potential for modifying brittle alloys with only intermetallic

phases to achieve enhanced properties.

5.2 High Performance Cu-4Al Alloy Enabled by Nanoparticles

5.2.1 Introduction

Aluminum bronze, with aluminum content lower than its solubility in Cu, shows a

microstructure of a single-phase solid solution and has widespread applications in aggressive
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environments especially seawater due to the excellent corrosion and biofouling resistance. They
also show great resistance to cavitation erosion and impingement attack [157]. The thin but tough
self-healing adherent film of alumna on the surface is responsible [157]. Cu-4Al is one of such
aluminum bronzes among the varieties.

However, the microhardness/strength and Young’s modulus of Cu-4Al can be further
improved. Moreover, the intergranular corrosion (IGC) due to dealumination at grain boundaries
in Cu-4Al needs to be solved. TiB2 nanoparticles have attracted much attention as reinforcing
elements in metal matrix nanocomposites since they exhibit excellent properties, such as high
hardness, modulus, corrosion resistance, and thermal stability. It is expected that dispersed TiB2
nanoparticles in Cu-4Al can further enhance its properties.

In this study, Cu-4Al with 9.6 vol.% dispersed TiB2 nanoparticles was fabricated. Distinct
grain structures especially grain boundary morphologies of Cu-4Al and Cu-4Al/9.6 vol.% TiB:
were observed. The Young’s modulus and microhardness of the CuAl/TiB2 nanocomposite were
significantly enhanced over the alloy counterpart. Besides, the corrosion rate of the Cu-4Al/TiB:
nanocomposite was lower than the Cu-4Al counterpart, with the severe intragranular corrosion

effectively suppressed.

5.2.2 Materials and Methods

Cu-4Al1/9.6 vol.% TiB2 nanocomposites were fabricated by the in-situ method reported in
Chapter 3.2. Cu (99.99%, Rotometals) was heated to 1130 °C with argon protection in a graphite
crucible by an induction heater. Al shots were added to molten Cu, followed by mixed KBF4

(Spectrum), K2TiFs (Spectrum), and KAIF4 (AMG Aluminum) powders. After holding for 1.5 h,
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the melt was cooled naturally in the furnace. As-synthesized sample was re-melted at 1100 °C for
5 min.

Pure Cu-4Al was alloyed in house for comparison. Al shots were added to Cu melt at
1130 °C, with molten KAIF4 on top of the melt to prevent oxidation. The melt was held for 30 min
with manual mixing using a graphite rod before cooling to room temperature in the furnace.

Specimens cut from bulk samples were ground, polished, and ion milled at 4<and 4.5 kV
for 1 h by Precision lon Polishing System (Model PIPS 691, Gatan) to clean the surfaces. The
microstructures were observed by optical microscopy and scanning electron microscopy (SEM,
ZEISS Supra 40VP). The microhardness of the samples was measured using an LM 800AT
microhardness tester with a load of 200 g and a dwell time of 10 s. The Young’s modulus of the
nanocomposites was measured by the MTS nanoindenter witha Berkovich tip withan indent depth
of 2 um. Each Young’s modulus and microhardness data represents 10 measurements at room
temperature.

Focused ion beaming imaging (FIB) by FEI Nova 600 was utilized to reveal the grain
structures of the nanocomposites, with granular contrast induced by the ion beam due to the
channeling contrast [137]. The Cu-4Al was etched using mixed NH4OH, H202,and watertoreveal
the grain boundaries.

The Linear Polarization Resistance measurement was conducted on both Cu-4Al and the
Cu-4Al/9.6 vol.% TiB2 nanocomposite using 3.5 wt.% NaCl solution. The open potential was
obtained first. Then, the corrosion rates of the samples were calculated from the potentiodynamic
measurement according to ASTM-G102. In addition, immersion tests of Cu-4Al and Cu-4Al/10
vol.% TiB2 were conducted at room temperature in the 3.5 wt.% NaCl solution for 4 days. After

immersion, the corroded surfaces were observed by SEM.
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5.2.3 Results and Discussion

The microstructures of Cu-4Al and Cu-4Al/9.6 vol.% TiB2 are shown in Figure 5-4. TiB2
nanoparticles are effective grain refiners in Al. Thus, it is of interest to study the grain structures
of the as-solidified samples in this study. Cu-4Al and Cu-4Al/9.6 vol.% TiB: exhibit distinct grain
structures, as shown in Figure 5-4. For pure Cu-4Al (Figure 5-4a), the grains are larger than 1 mm.
For Cu-4Al/9.6 vol.% TiB2 nanocomposite (Figure 5-4b), refined grains compared to Cu-4Al are
observed, but they are still in the scale of a few hundred micrometers. The TiB2 nanoparticles are
captured by the grains of the CuAl solid solution matrix, which explains why ultrafine grains of
the matrix are not induced. Besides, it is worth mentioning that the morphology of the grain
boundaries is modified by the TiB2 nanoparticles, as shown in Figure 5-4b and 5-41c. Unlike the
smooth grain boundaries in Cu-4Al, the grain boundaries in the nanocomposite are serrated. In
addition, some TiB2 nanoparticles are located at the grain boundaries, too. These modified grain
boundaries are anticipated to be caused by the impendence of grain boundary advance by
nanoparticles [160]. It has been reported that serrated grain boundaries transition can lead to a
significant decrease in grain boundary energy [161]. The serration of a random straight grain
boundary with high energy results in two segments with lower misorientation angles and lower
energies [162]. Moreover, it was reported that serrated grain boundaries can lower crack
propagation and impede grain sliding [161].

Itis expected that TiB2 nanoparticles are captured by Cu-4Al matrix via Brownian capture.
In the nanoparticle capture theory, when the van der Waals potential is positive, an energy barrier

exists resisting the nanoparticle from moving closer to the sonification front [163]. When the
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Brownian energy is higher than the energy barrier, the nanoparticle may move toward the

solidification front for capture, as shown by Equation 5-1 [163].

(\/Asolid_\/Aliquid)(\/Ananoparticle_\/Aliquid) x (5+ R +ln D

6 D  2R+D 2R+D

Wiwa(D) = — ) < %T Equation 5-1

where W,,,,, is van der Waals potential; A is Hamaker constant; R is nanoparticle radius; D is the
distance between the nanoparticle and the solidification front; k is Boltzmann's constant; T is the
absolute temperature. For Brownian capture to occur, a small nanoparticle radius and/or a small
absolute value of the system’s Hamaker constant is desired [163]. In our study, it is anticipated
that alloying Cu with Al reduces the system’s absolute Hamaker constant since Al has a lower
Hamaker constant than Cu. Moreover, the small TiB2 nanoparticle size is also beneficial for
capturing. The size effect of TiB2 nanoparticles on Brownian capture is indicated in the sample
after removal of Al (Cu/9.6 vol.% TiB2). The FIB image revealing the grain structures of Cu/9.6
vol.% TiB: is shown in Figure 5-5. As discussed in Chapter 3.2, the size of TiB2 nanoparticles
increases after the removal of Al. Ultrafine grains are observed in the Cu/9.6 vol.% TiB2 sample,
as shown in Figure 5-5a. Notably, the TiB: are located both inside and outside the Cu grains, which
is related to the sizes of the TiB: particles. As indicated by white arrows, small TiB2 nanoparticles
are captured by Cu grains. On the other hand, larger TiB:2 particles are not captured, which locate
at the grain boundaries of Cu grains and restrict the grain growth. The observation agrees well with

the Brownian capture theory. The average grain size of Cu/9.6 vol.% TiB:2 is 449.2 nm, with the

grain size distributions shown in Figure 5-5b.
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The comparison of the microhardness and Young’s modulus of the as-solidified Cu-
4A1/9.6 vol.% TiB2 nanocomposite and pure Cu-4Al is shown in Figure 5-6. Significant
strengthening of the CuAl alloy by TiB2 nanoparticles was achieved. The Young’s modulus the
Cu4Al/9.6 vol.% TiB:2 is 167.6 £26.5 GPa, which is 30% higher than Cu4Al (129.2 6.3 GPa).
The microhardness of the Cu4Al and Cu4Al/9.6 vol.% TiB2 is 95.3 2.5 HV and 203.3 +=52.3
HV. Itis estimated that the strengthening efficiency of TiB2 nanoparticles is 11.3 HV/vol.%, much
higher than commercial WC nanoparticles. The microhardness increase arises mainly from the
Orowan strengthening effect of TiB2 nanoparticles. TiB2 nanoparticles are captured, which can
contribute to Orowan strengthening. The TiB2 nanoparticles reduce the grain size, leading to a

stronger Hall-Petch effect.
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Figure 5-6 Mechanical properties of Cu-4Al and Cu-4Al/9.6 vol.% TiB2
It was reported that ZrB2 and TiB: particulates can increase the corrosion resistance of Al-
Cu alloy [164,165]. Thus, the corrosion resistance of the Cu-4Al/9.6 vol.% TiB2 nanocomposite
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and the Cu-4Al counterpart was studied. The electrochemical characterization dataare shown in
Figure 5-7. From the electrochemical measurements, it was found that in in-situ TiB2 nanoparticles
can further increase its corrosion resistance. The open circuit potential of nano-treated sample in
3.5wt.% NaCl solution is higher than pure Cu-4Al, as shown in Figure 5-7a. Besides, the corrosion
rate estimated from the potentiodynamic measurement (Figure 5-7b) shows that nano-treated
sample has a lower corrosion rate. The corrosion rate of Cu-4Al/9.6 vol.% TiB2 nanocomposite is
calculated to be 0.018 mm/year, while that of Cu-4Al is 0.026 mm/year.

The microstructures of the samples after the immersion tests are shown in Figure 5-8.
Noticeable intergranular corrosion (IGC) was observed in Cu-4Al, as shown in Figure 5-8a. Deep
trenches approximately 2.5 pm wide along grain boundaries were observed, as shown in Figure 5-
8b. On the other hand, more uniform corrosion occurred in the nanocomposite, as shown in Fig.
8c and 8d, with no intergranular corrosion observed. It was reported that the corrosion resistance
of grain boundaries was affected by grain orientation relationships. Results show that low-angle
boundaries and boundaries with a sigma-3 or sigma-7 coincident site lattice relationship in 2124
Al tend to have a higher corrosion resistance than other random boundaries [166]. In this study,
we suspect that the mitigated 1GC arises from the modified grain boundary structures by TiB2
nanoparticles. Itis expected that the serrated grain boundaries with lower grain boundary energy
and the partially blocked dealumination at grain boundaries blocked by nanoparticles lead to the

mitigated IGC behavior.
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Figure 5-7 (a) The open potential; (b) potentiodynamic curves of Cu-4Al and Cu-4Al/9.6 vol.%
TiB2
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Figure 5-8 Microstructure of samples after immersion test.(a,b) Cu-4Al; (c,d) Cu-4Al/9.6

vol.% TiB2

146



5.2.4 Conclusions

In summary, TiB2 nanoparticles are dispersed in Cu-4Al to modify the microstructure and
enhance its properties. The TiB2 nanoparticles are captured in the CuAl solid solution grains
possibly by Brownian capture. The TiB2 nanoparticles induce serrated grain boundaries in the
nanocomposite. The Cu-4Al/9.6 vol.% TiB2 exhibits significantly enhanced microhardness and
Young’s modulus over the Cu-4Al counterpart. In addition, the severe intergranular corrosion of
Cu-4Al is mitigated by the TiB2 nanoparticles, which is anticipated to arise from the reduced grain

boundary energy of serrated grain boundaries and the partially blocked dealumination by

nanoparticles at the grain boundaries.

5.3 Nanoparticle-Enabled Phase Modification (Nano-Treating) of CuZrSi
Pseudo-Binary Alloy

5.3.1 Introduction

There is a strong correlation between properties and microstructure in every material. For
alloys that exhibit microstructures with intermetallic phases in forms of massive faceted flakes,
rods, needles, etc., growing directly from the melt, properties such as strength and ductility often
suffer significantly. Thus, tailoring the phase morphology of as-solidified alloys to improve
material properties has drawn much interest [167-171].

Traditional methods to alter the as-cast phase morphology include minor additions of
chemical modifiers and solidification control [26]. One of the most well-known cases of phase
modification is the transition of graphite flakes in gray cast iron to graphite spheres in nodular cast

iron through the addition of Mg and Ce, which significantly increases tensile strength and ductility
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[172]. By adding Eu and Yb in small amounts, the transition of eutectic Si in Al-Si alloys from
plate-like to coral-like morphologies was reported to improve toughness [173]. However,
modification through chemical modifiers only showed limited success towards particular alloys.
On the other hand, phase modification through solidification control such as rapid cooling and
application of a magnetic field or ultrasonic vibration during solidification was reported [174,175].
The size of M7C3s carbides was refined via fast-cooling of a hypereutectic Fe-Cr-C alloy to improve
wear resistance [176,177]. High costs and limited productivity hinder the application of these
solidification control processes for the mass production of engineering materials.

Incorporating nanoparticles (NPs) into molten alloys is expected to modify the alloy’s
phases, as the presence of nanoscale solids with large surface areas in molten alloys can change
the alloy’s solidification behavior. However, in literature, the volume fraction of nanoparticles that
can be incorporated into molten alloys was very low, resulting in very limited modification at the
micrometer scale. The addition of 1.5 vol.% TiCo.5No.5 nanoparticles into Al-10Si by ultrasonic
processing reduced the eutectic grain size and changed the aspect ratio of the Si particles within
eutectic cells [27]. A nanoparticle-induced nucleation mechanism was proposed to explain the
refinement due to the favorable crystallographic matching of TiCosNos and Si [27]. The
microstructural modification effect of SiC nanoparticles (0.7 wt.%) on Sn-3.0Ag-0.5Cu solder
alloy was studied [30]. Primary B-Sn dendrites were refined, and the fraction of fine eutectic in the
as-solidified alloy was increased. Evident morphology change and especially refinement of the
intermetallic phases down to the ultrafine/nanoscale by nanoparticles during solid ification has not
been reported. Recently, an effective and scalable molten-salt-assisted nanoparticle incorporation
method via solidification processing was developed [89]. Based on that, arc welding of aluminum

alloy 7075 was enabled by nanoparticle-enabled phase control: TiC nanoparticles transformed the
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primary grains from dendrites to equiaxial ones and induced fine segmented eutectic phase [159].
Besides, nanoparticle-enabled grain refinement of as-solidified pure Cu down to the
ultrafine/nanoscale was discovered [90]. Thus, it is expected that more significant phase
modification of the intermetallic phases can be achieved by effectively incorporating suitable
nanoparticles into molten alloys.

The CuZrSi alloy is of interest because it can potentially exhibit high strength, ductility,
and conductivity if its intermetallic phase is modified. The CuZrSi alloy exhibits a pseudo-binary
phase diagram section between pure Cu and ZrCuSi phases as shown in Figure 5-9, with a
microstructure of large rod-like ZrCuSi in the Cu matrix [178]. The eutectic Cu/ZrCuSi alloy (Cu-
3.43Zr-1.05Si) contains 9.5 vol.% ZrCuSi rods, providing sufficient strong intermetallic
compounds as potential reinforcements in the Cu matrix if modified [178,179]. The lattice misfit
between (110) Cu and (110) ZrCusSi is less than 10% [178]. Directional solidification was utilized
to align ZrCuSi rods in an attempt to enhance the material’s properties [178]. Apart from the high
cost of directional solidification, the resultant property was highly anisotropic, with a reduction in
the strength transverse to the solidification direction.

Here we report the effective nano-treating to modify and refine the intermetallic phase of
the cast CuZrSi alloy to the ultrafine/nanoscale. Nanocomposite masters with stabilized
nanoparticles were fabricated first, which can be readily diluted to treat alloys with desired
percentages of nanoparticles. Different percentages of WC nanoparticles were successfully diluted
into a CuZrSi alloy. While 1 vol.% WC partially transformed the ZrCuSi phase with sizes reduced
to approximately 1 pm. Morphology change of the entire ZrCuSi phase and refinement d own to

the ultrafine/nanoscale was achieved by 4 vol.% WC.
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Figure 5-9 Cu-ZrCuSi pseudo-binary phase diagram

5.3.2. Materials and Methods

A Cu/5 vol.% WC nanocomposite master was fabricated by the molten-salt-assisted self-
incorporation method [52,89]. Pure Cu was heated to 1230 °C in a graphite crucible by induction
heating, with the surface of the melt purged with Ar gas to prevent oxidation. WC nanoparticles
(US Research Nanomaterials) premixed with KAIF4 powder by a mechanical shaker (SK-O330-
Pro) with a volume ratio of 1:9 were loaded slowly on the surface of the melt. The molten
metal/molten salt interface was disturbed by manual mixing with a graphite rod. After loading the
salt-nanoparticle mixture, the melt was held for 30 min before cooling in air.

A eutectic pseudo-binary alloy (Cu-3.43Zr-1.05Si) was fabricated by melting Cu-33Zr
master (Belmont Metals), Cu-10Si master (Belmont Metals), and Cu in a graphite crucible at 1200 °C
using induction heating with Ar protection. Two such samples were made for comparison purposes:

one was cooled in air, while the other was cooled in a Cu wedge mold. The cooling rate (R) at

4000 K mm?
d? s !

where d is the

different positions of the copper wedge mold can be calculated by R =
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mold’s thickness [180]. To nano-treat the Cu-3.43Zr-1.05Si alloy with 1 vol.% WC, pieces of the
Cu/5 vol.% WC master were submerged in the melt of Cu, CuZr, and CuSi masters at 1200 °C.
The melt was then mechanically mixed with a graphite blade for 15 min and cooled to room
temperature in air. To nano-treat the Cu-3.43Zr-1.05Si alloy with approximately 4 vol.% WC, a
similar procedure was conducted except that no mechanical mixing was applied to avoid air
entrapment, as the viscosity of the melt increased. The CuZrSi alloy composition is nominal
composition in wt.%.

Specimens cut from the as-solidified bulk samples were ground, polished, and then ion
milled (Gatan PIPS) at 4<and 4.5 kV for 1 h to expose the nanoparticles. The microstructure of
the samples was observed by scanning electron microscopy (SEM, Zeiss Supra 40VP) equipped
with energy-dispersive X-ray spectroscopy (EDS). The phase compositions of the samples were
analyzed by X-ray diffraction (XRD, Bruker D8) with Cu Ka radiation and a step size of 0.02°.
The microhardness of samples was measured using an LM 800AT microhardness tester with a
load of 200 g and a dwell time of 10 s. Micropillars with an average size of4.1 0.1 um in diameter
and 10.7 £ 1.0 um in height were machined by focused ion beam (FIB, FEI Nova 600) from the
bulk samples. Pillar compression tests were performed at a strain rate of 5 x 1072 s ! and a

compression depth limit of 3 pm at room temperature by an MTS nanoindenter with a flat punch

tip.

5.3.3 Results and Discussion
The microstructure of theair-cooled CuZrSialloy is shown in Figure 5-10a. It is comprised
of arod-like intermetallic ZrCuSi phase embedded in the Cu matrix. The length of the ZrCusSi rods

is 8 + 7 um (distribution shown in Figure 5-10b). The large size of the ZrCuSi rods can be attributed
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to their rapid growth rate, as they grew directly from the melt. Meanwhile, the thickness of the
sample cooled in the Cu wedge mold was measured to be 0.15 mm, with a cooling rate calculated
to be 1.7 x 105K /s. The rapidly cooled CuZrSi alloy counterpart shows a significantly refined
intermetallic ZrCusSi phase, with lengths of approximately 50-400 nm (Figure 5-11, SEM in-lens

image). This observation can be attributed to an increased nucleation rate and reduced growth rate

due to rapid cooling.
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Figure 5-10 (a) Microstructure of air-cooled Cu-3.43Zr-1.05Si alloy; (b) distributions of

lengths of ZrCuSi rodsin (a)

Figure 5-11 Microstructure of rapid-cooled Cu-3.432r-1.658i by a Cu wedge mold

The SEM image of WC nanoparticles in the Cu matrix of the Cu/5 vol.% WC

nanocomposite master is shown in Figure 5-12. While some agglomeration of nanoparticles is
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observed in this sample, true clustering of nanoparticles forming microparticles did not occur.
Better dispersion of WC nanoparticles in the Cu matrix by tuning the nanoparticle incorporation
processing parameters has been reported [52]. The incorporation of WC nanoparticles from the
molten salt into molten Cu is to reduce the system’s Gibbs energy since there is lower interfacial

energy between WC/molten Cu than WC/molten salt [51].

Figure 5-12 SEM image of the Cu/5 vol.% WC master

The XRD patterns of air-cooled CuZrSi samples (both the pure sample and nano-treated
samples that contain 1 and 4 vol.% WC nanoparticles) are shown in Figure 5-13. For the pure
CuZrSi alloy, the peaks correspond to the Cu phase and the ZrCuSi intermetallic phase, which
agree well with the literature [178]. An unindexed peak at around 40.5 “appears in all samples, and
the possible reasons include background noise or minor phase reactions. For CuZrSi/1 vol.% WC,
the XRD pattern is indexed as Cu and ZrCusSi, while WC peaks are weak due to its low volume
fraction. Meanwhile, the phase composition of the CuZrSi/4 vol.% WC sample is clearly identified
as Cu, ZrCusi, and WC. Therefore, the successful incorporation of WC into the CuZrSi alloy is

confirmed.
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Figure 5-13 XRD patterns of original CuZrSi alloy and nano-treated CuZrSi alloy with 1
vol.% and 4 vol.% WC nanoparticles

The ZrCusSi intermetallic phase was partially modified by 1 vol.% WC nanoparticles at the
micrometer scale. Figure 5-14a illustrates the microstructure of CuZrSi/l vol.% WC, with the
magnified image of the boxed area shown in Figure 5-14b. The spatial distributions of Cu, Zr, and
W in Figure 5-14b are revealed by EDS mappings shown in Figure 5-14c to 5-14e. It is worth
mentioning that Si is not indexed, as its characteristic peaks in EDS are too close to W. While
some of the ZrCusSi rods (about 5-20 pm in length) remain, as indicated by dotted lines in Figure
5-14a, therest is transformed into a refined and irregularly shaped microstructure growing on the
surfaces of nanoparticles shown in the white circled area, forming intermetallic/nanoparticles
complexes with sizes of approximately 1 pm, as indicated by the orange dotted circle in Figure 5-
14b. Similar findings were reported in aluminum alloy 7075 nano-treated by 1 vol.% TiC
nanoparticles. The eutectic phase and nanoparticles formed encapsulation attachment structure,

and nanoparticles induced finer eutectic features at the micrometer scale [181]. It is thus believed
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that, while effective, 1 vol.% WC is not enough to modify the entirety of the intermetallic phase

and refine it to the ultrafine/nanoscale.

Figure 5-14 (a) Microstructure of CuZrSi alloy nano-treated by 1 vol.% WC; (b) magnified
image of the boxed area in (a); (c)-(e) spatial distribution of Cu, Zr, and W in (b) by EDS
mapping

Significant morphology transformation and refinement of the entire intermetallic phase
(originally 8 + 7 um) down to the ultrafine/nanoscale was achieved upon the addition of 4 vol.%
WC nanoparticles. Figure 5-15a and 5-15b illustrate the microstructure of the CuZrSi alloy nano-

treated by 4 vol.% WC. No rod-shaped ZrCuSi intermetallic is observed. Instead, there is a
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homogeneous distribution of irregularly shaped intermetallic/nanoparticle complexes in the Cu
matrix, indicated by EDS mappings of Cu, W, and Zr (Figure 5-15c to 5-15e). Besides, the circled
area in Figure 5-15b and the corresponding EDS mappings show that nanopatrticles pin the growth

of the intermetallic phase.

Figure 5-15 (a) Microstructure of CuZrSi alloy nano-treated by 4 vol.% WC; (b) magnified
image of (a); (c)-(e) spatial distributions of Cu, W, and Zr in (b) by EDS mapping
The pseudo-dispersion of WC nanoparticles in the CuZrSi/WC samples as shown in Figure
5-15 still needsto be solved despite the effective phase modification. Here, a uniform distribution

of dispersed nanoparticles in the alloy matrix is desired. The strategy to potentially alleviate the
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nanoparticle agglomeration is discussed as follows. First, it is of interest to identify nanoparticles
(in terms of sizes, types, etc.) that can form a uniform dispersion in the molten alloy based on the
thermally activated nanoparticle dispersion mechanism [17]. The uniform dispersion of SiC
nanoparticles in molten Mg2Zn owing to the synergy of reduced VVan der Waals forces, high energy
barrier preventing sintering, and thermal energy to disperse nanoparticles has been reported [17].
Second, applying ultrasonic processing to the molten alloy can further help disperse the
nanoparticles.

Figure 5-16 shows a magnified image of the modified ZrCuSi intermetallic phase in
CuZrSi/4 vol.% WC. The intermetallic phase is refined to the ultrafine/nanoscale, with sizes
comparable to the rapidly cooled counterpart (Figure 5-11). The enhanced nucleation of ZrCusSi
intermetallics is indicated by the numerous ultrafine/nanoscale intermetallics on the edges of the
nanoparticles. Examples are shown in white circled areas in Figure 5-16. The confinement of
ZrCusSi intermetallics by neighboring nanoparticles is revealed in red circled areas in Figure 5-16.
Based on the above-mentioned microstructural observations, the hypothesis of the nanoparticle-
enabled phase modification mechanism in the CuZrSi alloy is proposed as follows. WC
nanoparticles act as heterogeneous nucleation sites for the intermetallic phase, enhancing the
nucleation of the intermetallic phase. Moreover, the growth control of the intermetallic with a
decreased growth rate is enabled by nanoparticles, which can be attributed tothe following reasons.
First, the decreased growth rate of eutectic grains induced by TiCo.sNo.s nanoparticles in Sr-
modified Al-Si alloy melt was reported, which arose from the increased solid-liquid surface area
for the same fraction solid as the number of nucleated grains increased [27]. By the same token,
the growth rate of the intermetallic phase in this study is anticipated to be decreased. Second, it

was reported that the grain growth restriction factor by nanoparticles is much higher than the
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chemical restriction from solute atoms [90]. Nanoparticles-enabled continuous nucleation and
especially growth restriction led to the grain refinement of pure metals (Cu, Al, Zn, etc.) to the
ultrafine/nanoscale [90]. Cu with 10 vol.% WC nanoparticles took an 83% longer time than pure
Cu to complete solidification derived from awider and less intense exothermic solidification peak
in differential scanning calorimetry (DSC) curves, indicating a decreased growth rate enabled by
nanoparticles [90]. Inthis study, the growth of the intermetallic phase is also effectively restricted
by adjacent nanoparticles. Third, nanoparticles are inferred to partially block the transport of atoms

to the growth front and hinder the transport of latent heat, thereby slowing down the phase growth.

Figure 5-16 Magnified image of the nano-treated CuZrSi alloy by 4 vol.% WC

In addition to the larger number of WC nanoparticles as nucleation sites, the much more
evident phase modification in the CuZrSi/4 vol.% WC sample may arise from the significantly
reduced interparticle spacing. Assuming that nanoparticles are spherical and homogeneously
distributed, the theoretical interparticle spacing (d) can be estimated by Equation 5-2 [90], where
r is the radius of nanoparticles, and V,, is the volume fraction of the nanoparticles. For 4 vol.%
WC, d is 507.6 nm while d of 1 vol.% WC is 805.8 nm. Thus, the intermetallic phase is more
severely confined by the nanoparticles, leading to ultrafine/nanoscale intermetallics in CuZrSi/4

vol.% WC.
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Future work will focus on revealing more evidence for theoretical interpretations.
Transmission electron microscopy (TEM) study will be conducted to provide high-resolution
pictures of the intermetallic/nanoparticle nanostructures especially the interfaces and show the
crystallographic orientation relationships for the lattice misfit calculation, which can indicate the
potency of WC nanoparticles as heterogeneous nucleation sites for the intermetallic phase. DSC
study will be conducted to compare the undercooling and the exothermic peak intensity and width
of the nano-treated alloy and pure alloy for indications of the nanoparticle-induced intermetallic
phase nucleation and growth. A Scheil diagram will be produced from DSC or simulation to
provide insight into the modified intermetallic phase formation during solidification. It was
reported that aluminum alloy 7075/1.7 vol.% TiC nanoparticles and pure 7075 showed distinct
solid fraction versus temperature curves during solidification derived from DSC results [159].

The microhardness of CuZrSi/4 vol.% WC is 112.5 +17.5 HV, which is 43.5% higher than
that of the CuZrSi counterpart (78.4 5.6 HV). More importantly, it is expected that the plasticity
of this nano-treated material is enhanced dueto the absence of a large and sharp intermetallic phase
[182]. Figure 5-17 shows the typical micropillar compression test results of pure CuZrSi alloy and
CuZrSi/4 vol.% WC. Micropillars with an average size of 4.1 £ 0.1 pum in diameter and 10.7 £ 1.0
pum in height were machined to avoid obvious size effect. Figure 5-17a to 5-17¢ show the different
phase distributions of the initial micropillars. For pure CuZrSi, since its mechanical properties
depend on the orientation of the strengthening intermetallic rods, micropillars with two types of
ZrCusSi distributions were machined, i.e., ZrCuSi intermetallics roughly parallel (as indicated by
arrows in Figure 5-17a, denoted as ||) and perpendicular (as indicated by arrows in Figure 5-17b,

denoted as L) to the compression direction. CuZrSi (II) was expected to exhibit higher strength
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than CuZrSi (L). Figure 5-17c¢ shows the micropillar from the CuZrSi/4 vol.% WC, with no large
rod-like intermetallics observed. The typical stress-strain curves are shown in Figure 5-17g. The
strains of CuZrSi pillars increase discontinuously at an early stage, while the pillar of the nano-
treated sample can sustain the load gradually to a strain over 30% without catastrophic failure. The
uniform plasticity of CuZrSi (L), CuZrSi (II), and nano-treated CuZrSi is 3%, 13%, and 31%,
respectively, as indicated by the arrows in Figure 5-17g. Besides, the yield strength of CuZrSi (1),
CuZzrSi (Il), and nano-treated CuZrSi is 106, 128, and 530 MPa, respectively. It should be noted
that the yield strength of CuZrSi/4 vol.% WC obtained from the micropillar is higher than that of
the bulk sample due to the higher nanoparticle content in the micropillar.

The low plasticity of the pillars from pure CuZrSi is also indicated in the morphology of
the pillars after compression, as shown by arrows in Figure 5-17d and 5-17e, where catastrophic
failure and multiple slip traces are observed. For CuZrSi (lI), the main failure mode is cracking,
which originated from the unmodified intermetallic phase. For CuZrSi (L), the main failure mode
is severe slips of the Cu matrix as intermetallics induced little strengthening to the matrix when
they are roughly perpendicular to the compression direction. On the contrary, as shown in Figure
5-17f and 5-17h, the pillar of CuZrSi/4 vol.% WC after compression shows no catastrophic failure
with significantly fewer slip traces observed. The micropillar compression results confirm that
phase modification by nanoparticles can simultaneously enhance the plasticity and strength of the
CuZzrSi alloy. Large and sharp intermetallics in the matrix can act as origins of cracks, induce fast
crack propagation, and show limited strengthening to the matrix during deformation. Modifying
and refining intermetallics by nanoparticles can effectively mitigate crack formation/propagation
and impede dislocation motion to improve plasticity and strength. Tensile testingwill be conducted

in future work to validate the improved ductility and strength of CuZrSi/4 vol.% WC.
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Figure 5-17 Micropillar compression of CuZrSi and CuZrSi/4 vol.% WC. SEM image
taken at a tilt angle of 52<showing initial micropillar of CuZrSi with intermetallics
approximately (a) parallel (denoted as Il), (b) perpendicular (denoted as L) to the compression
direction, and (c) nano-treated CuZrSi; (d-f) SEM image of micropillars after compression

acquired at a tilt angle of 52of a-c; (g) stress-strain curves; (h) top view of (f)
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5.3.4 Conclusions

In summary, the effectiveness of nanoparticles to modify and refine the intermetallic phase
in as-cast CuZrSi alloy to the ultrafine/nanoscale is demonstrated. While 1 vol.% of WC partially
transformed the ZrCuSi phase morphology at the micrometer scale, significant morphological
transition and refinement of the entire ZrCuSi phase down to the ultrafine/nanoscale was observed
upon addition of 4 vol.% WC nanoparticles, which may arise from increased heterogeneous
nucleation sites and the enhanced growth restriction from a significantly decreased interparticle
spacing. The hardness, strength, and plasticity of the CuZrSi alloy were simultaneously improved
by nano-treating with 4 vol.% WC dueto the effective intermetallic modification by nanoparticles.
Nano-treating has great potential for modifying various alloys to achieve materials with enhanced

properties.

5.4 Enhanced Aging Behavior of a CuCr Alloy by W Nanoparticles

5.4.1 Introduction

Age-hardenable copper-chromium (Cu-Cr) alloys are a class copper (Cu) alloys finding
widespread applications where high strength and high conductivity are required, such as spot
welding electrodes, heat exchangers, and railway contact wires [183]. Their high strength arises
from the formation of nanoscale chromium (Cr) precipitates in the matrix by the aging process,
while the high conductivity is attributed to the extremely low solubility of chromium (Cr) in copper
(Cu) at temperatures below 500 € [184-186]. Limited by the copper-chromium (Cu-Cr) phase
diagram, the hardness/strength of the copper-chromium (Cu-Cr) alloys by precipitation-hardening

have reached a certain limit. Besides, the softening of copper-chromium (Cu-Cr) alloys at elevated
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temperatures due to the coarsening of precipitates and grains prevents them from being used in
high-temperature environments [187].

Dispersing nanoparticles into the alloys is promising to further enhance the properties by
multiple mechanisms including modifying aging behavior, refining microstructures, and inducing
Orowan strengthening. Thus, incorporating suitable nanoparticles into copper-chromium (Cu-Cr)
alloys is expected to modify the aging behavior and further enhance their properties. Positive
results of nanoparticle effects on precipitation formation have been reported for aluminum (Al)
alloys [188,189]. Incorporating titanium carbide (TiC) nanoparticles into a high-zinc Al-Zn-Mg-—
Cu alloy enhanced the dissolution of the secondary phase by solution heat treatment and increased
the aging speed [190]. Besides, titanium carbide (TiC) nanoparticles led to the higher hardness via
natural aging and better machinability of Al-Zn-Mg-Cu alloy [191].

Tungsten (W) has excellent mechanical properties (high hardness, strength, and Young’s
modulus) and thermal properties (high melting point, thermal stability, thermal conductivity, and
a low thermal expansion coefficient) [75]. Tungsten (W) and copper (Cu) do not form a solid
solution or intermetallic compounds at room temperature, which otherwise would deteriorate the
electrical conductivity or ductility of copper [73]. In fact, copper (Cu) strengthened by nano-
tungsten (W) dispersions also exhibits a good combination of high strength and high conductivity
[192]. Moreover, tungsten (W) has a much higher electrical conductivity than common ceramic
reinforcements for metals such as titanium carbide (TiC) and titanium diboride (TiB2). Thus,
tungsten (W) nanoparticles are considered a promising candidate to modify copper-chromium (Cu-
Cr) alloys.

Fabrication of copper-chromium (Cu-Cr) matrix nanocomposites and the resultant property

improvement by nanoparticles have been reported in literature. Cu-2 at.% Cr-1 wt.% W
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nanocomposite was fabricated by high energy ball milling and spark plasma sintering, with the
hardness and wear resistance increased by 5% and 44% from nanoscale tungsten (W) in the matrix
[193]. Dispersed aluminum oxide (Al203) nanoparticles in Cu-4.5 weight percent chromium (Cr)
was achieved by mechanical alloying and high-pressure sintering, leading to increased
microhardness [194]. Adding titanium diboride (TiB2) to copper-chromium (Cu-Cr) during
mechanical alloying led to decreased grain sizes of copper (Cu) and chromium (Cr) that were less
than 50 nm [195]. However, little work was reported on the aging behavior of copper-chromium
(Cu-Cr) matrix nanocomposites.

In this study, Cu-1.2Cr alloy nano-treated by 2 volume percent tungsten (W) nanoparticles
was fabricated. The microstructure and the improved aging behavior of Cu-Cr/W nanocomposite
were studied. The underlying mechanism of the enhanced precipitation strengthening by tungsten
(W) nanoparticles was discussed. This study provides new insights into the design of high-strength

high-conductivity copper-chromium (Cu-Cr) alloys.

5.4.2 Materials and Methods

Copper (Cu) containing 2 volume percent tungsten (W) nanoparticles was provided by
MetaLi LLC. Alloying was conducted to fabricate Cu-1.2Cr with approximately 2 volume percent
tungsten (W) samples. The copper/tungsten (Cu/W) nanocomposite was heated to 1250 < in a
graphite crucible by induction heating, with the surface of the melt purged by argon (Ar) gas to
prevent oxidation. Chromium (Cr) powders wrapped in copper (Cu) foil were submerged in the
melt, which was then held at 1250 <C for 30 min with manual mixing before cooling to room
temperature. The samples were then subjected to solution heat treatment at 1000 <C for 1 h,

followed by water quenching and aging at 460 <C for different durations ranging from 0.25 h to
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48 h. Cold rolling with various thickness reductions up to approximately 50% was conducted on
the Cu-1.2Cr/2 vol.% W nanocomposite (aged for 0.75 h) sample and the Cu-1.2Cr (aged for 3 h)
sample.

Specimens cut from the bulk samples were ground, polished, and then ion milled (Gatan
PIPS) at 4<and 4.5 kV for 1 h to clean the surfaces. The microstructure of the samples was
observed by scanning electron microscopy (SEM, Zeiss Supra 40VP) equipped with energy-
dispersive X-ray spectroscopy (EDS). The microhardness of samples was measured using an LM

800AT microhardness tester with a load of 200 grams and a dwell time of 10 seconds.

5.4.3 Results and Discussion

The microstructure of the Cu-1.2Cr/2 volume percent tungsten (W) after solution heat
treatment is shown in Figure 1. As shown in Figure 1la, the tungsten (W) nanoparticles form
nanoparticle-rich zones in the matrix. The magnified images of a nanoparticle-rich zone and the
alloy matrix are shown in Figure 1b and Figure 1c, respectively. Some partial sintering between
adjacent tungsten (W) nanoparticles is observed, which likely occurred in the melt during alloying.
The melting point of the copper-chromium (Cu-Cr) alloy increases significantly with the increment
of the chromium (Cr) content. To mitigate the sintering of tungsten (W) nanoparticles, a proposed
solution is to design a lower chromium (Cr) content so that the alloying temperature and time can
be decreased. Besides, since approximately 0.4 wt.% chromium (Cr) can be solutionized in copper
(Cu) at 1000 <T theoretically according to the Cu-Cr phase diagram as shown in Figure 5-18 [184],
undissolved chromium (Cr) can be observed in the sample indicated by arrows in Figure 5-19b
and Figure 5-19c. As shown in Figure 5-19d, minor spinodal decomposition between chromium

(Cr) and tungsten (W) occurred, which can be attributed to the locally high concentration of
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chromium (Cr) at the start of the alloying process. Chromium (Cr) and tungsten (W) do not form
intermetallic compounds according to the Cr-W phase diagram, which otherwise would hurt the

mechanical properties of the nanocomposites. Instead, they can only form tungsten-rich and

chromium-rich solid solutions [196].
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Figure 5-19 Microstructure of Cu-1.2Cr/2 volume percent W nanoparticles after solution heat
treatment: (a) SEM image at low magnification; (b) SEM image of the nanoparticle-rich zone;
(c) SEM image of the matrix; (d) SEM showing the locally spinodal decomposition between
chromium and tungsten

The microhardness evolution with the aging time of the Cu-1.2Cr/2 vol. W sample and the
Cu-1.2Cr control sample is shown in Figure 5-20. First, the pure Cu-Cr sample requires 3 h of
aging to reach the peak microhardness. The Cu-1.2Cr/2 vol.% W sample reaches peak aging
condition after 45-60 minutes, suggesting that tungsten (W) nanoparticles can facilitate the aging
process. Second, the nanoparticle-rich zones and metal zones of the Cu-1.2Cr/2 vol.% W sample
exhibit distinct aging behaviors. The nanoparticle-rich zones reach the peak condition 15 minutes
earlier than the metal zones in Cu-1.2Cr/2 vol.% W, further confirming that tungsten nanoparticles
accelerate aging. The facilitated aging possibly results from the enhanced heterogeneous
nucleation and growth of chromium precipitates induced by the nanoparticle/matrix interfaces and
the dislocations generated by nanoparticles. Atomic-scale investigation of Al-Zn-Mg-Cu matrix
nanocomposite with uniformly distributed titanium diboride (TiB2) nanoparticles revealed that the
semi-coherent TiB2/Al interfaces reduced precipitate nucleation energy barrier and acted as short-
circuit diffusion paths for transporting solute atoms and vacancies to accelerate the growth rate of
precipitates [197]. Despite the distinct microhardness evolution, the nanoparticle-rich zones and
metal zones of the nanocomposite sample reach similar hardness at the aging time of 45 min, which
will ensure the homogeneous mechanical properties of the nanocomposite sample. Thus, the
optimal aging time of the Cu-1.2Cr/2 vol.% W is 45 min. The average microhardness of the Cu-
Cr/W nanocomposite sample aged for 45 min and the peak-aged Cu-Cr control sample is 160.74

+8.22 HV and 150. 46 +4.34 HV, respectively. Thus, an increase of 10.28 HV in microhardness
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afteraging is achieved by the addition of tungsten (W) nanoparticles. The enhanced strengthening
possibly results from the modified chromium (Cr) precipitate formation induced by the tungsten
(W) nanoparticles, the Orowan strengthening by the tungsten (W) nanoparticles, and the Hall-

Petch effect from grain refinement by W nanoparticles.
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Figure 5-20 Variations of the microhardness with the aging time of the nanoparticle-rich zones

and the matrix of the copper-chromium/tungsten (Cu-Cr/W) and pure copper-chromium (Cu-Cr)

The microhardness of the metal zones in Cu-Cr/W becomes notably higher than that of the
nanoparticle-rich zones when the sample is over-aged starting from 1 h despite the lower hardness
of the metal zones before aging. More study is still needed to explain this novel phenomenon. It is
proposed that the modified chromium precipitation thermodynamics and kinetics induced by
tungsten nanoparticle is responsible. The microhardness of the aged sample is related to the
concentration, size, and type of the precipitates [190], which can be modified by the addition of
the tungsten nanoparticles. The shape, size, orientation relationship, and phase transportation of

the chromium precipitates in copper-chromium (Cu-Cr) alloys are still under discussion [185,186].
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The equilibrium crystallographic structure of chromium is body-centered cubic (bcc), but it could
have metastable structures in the early stage of precipitation [186]. The sequence of precipitate
formation in Cu-0.71 wt% Cr aged at 450 °C was reported to be super-saturation solid solution,
GP zones (face-centered cubic (fcc) Cr-rich phase), fcc chromium (Cr) phase, order fcc chromium
(Cr) phase, and bcc chromium (Cr) phase [185]. The addition of other alloying elements, such as
zirconium (Zr), magnesium (Mg), and iron (Fe) can modify the chromium (Cr) precipitation
Kinetics. It was reported that additional magnesium in Cu-Cr alloy accelerated the process of
precipitates nucleation with enriched magnesium areas as nucleation centers and restrained the
precipitate growth by magnesium segregation along the precipitate surface, which reduced the
precipitate size and improved the mechanical properties [187]. For this study, the hypothesis is as
follows. Chromium precipitates in nanoparticle-rich zones grew to larger sizes than those outside
the nanoparticle-rich zones when overaged, due to the higher growth rate induced by the high
diffusivity paths such as copper/tungsten interfaces, leading to the lower hardness in the
nanoparticle-rich zones. Meanwhile, it is hypothesized that chromium precipitates with a higher
number density formed in the metal zones arising from a higher chromium (Cr) solute
concentration, due to possibly enhanced chromium (Cr) dissolution in solution heat treatment or
changed thermodynamics by tungsten (W) nanoparticles, leading to the higher hardness.

The Cu-Cr/W nanocomposite exhibits higher thermal stability than pure Cu-Cr. Poor
softening resistance of Cu-Cr alloys at elevated temperatures has been reported [187]. Extended
aging of the samples leads to over-aging and decreased microhardness. In this study, the
microhardness of the nano-treated Cu-Cr during prolonged aging roughly plateaus from 2 h up to
48 h. Meanwhile, the microhardness of the pure Cu-Cr shows a continuously decreasing trend

when aging time extends from 3 h to 48 h. Afteraging at 460 °C for 48 h, the overall hardness of
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nano-treated Cu-Cr is still higher than the control sample. The high thermal stability of
nanocomposites has been reported [198]. Unlike chromium (Cr) precipitates, tungsten (W)
nanoparticles are thermally stable and continuously induce strengthening in the sample even at
high temperatures, which leads to the improved thermal stability of the nano-treated sample.

To indicate the evolution of chromium distribution during aging, detailed microstructural
characterizations of the nano-treated Cu-Cr are shown in Figure 5-21. EDS line scan was
conducted in the solutionized sample across a tungsten nanoparticle, as shown in Figure 5-21a.
The corresponding counts of chromium and tungsten signals along the line are shown in Figure 5-
21b. The peak of the tungsten signal coincides with the tungsten nanoparticle with only
background noise in the matrix, which verifies the immiscibility of tungsten in copper. Chromium
signal is detected in the alloy matrix, indicating that chromium is solutionized in the matrix.
Besides, relatively high counts of chromium are detected inside the tungsten nanoparticle,
indicating that some chromium is also solutionized in the tungsten nanoparticle. On the other hand,
different chromium distribution is observed in the over-aged sample. The EDS line scan results
across a tungsten nanoparticle in Figure 5-21c in the 48-h-aged nanocomposite sample are shown
in Figure 5-21d. A chromium signal peak appears at the copper/tungsten interface, as indicated by
the square in Figure 5-21c and Figure 5-21d. Although more evidence is needed especially
transmission electron microscopy (TEM) analysis, it indicates that copper/tungsten interfaces can
act as heterogeneous nucleation sites for chromium.

Cold rolling was applied to the optimally aged samples to further increase the
microhardness. The microhardness of the Cu-Cr/W (aged for 45 min) and the pure Cu-Cr (aged
for 3 h) with different thickness reductions by cold rolling is shown in Figure 5-22. Although

effective hardness increase is achieved for both samples due to strain hardening, the nano-treated
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Cu-Cr consistently shows a higher hardness than the pure Cu-Cr. The microhardness of both
samples saturates after a thickness reduction of approximately 40%. After an approximately 40%
thickness reduction, the microhardness of the nano-treated sample reaches around 194 HV. For
future work, TEM study will be conducted for a fundamental understanding of the nanoparticle-
induced precipitation formation and enhanced strengthening in the Cu-Cr alloy. Besides, the
electrical conductivity evolution during aging will be investigated, which in turn indicates the

precipitation kinetics [187]. The tensile properties of the nano-treated Cu-Cr will also be evaluated.
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Figure 5-21 The microstructure and EDS line scan results of: (a, b) solutionized copper-
chromium/tungsten (Cu-Cr/W) sample; (c, d) copper-chromium/tungsten (Cu-Cr/W) sample

aged for 48 h
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5.4.4 Conclusions

In summary, tungsten (W) nanoparticles effectively enhanced the aging behavior of Cu-
1.2Cr. Incorporating 2 volume percent tungsten (W) nanoparticles to Cu-1.2Cr reduced the peak
aging time significantly from 3 h to 45-60 min. Besides, a microhardness increase of 10.28 HV
was achieved for the nano-treated copper-chromium (Cu-Cr) aged for 45 minutes over the peak-
aged pure copper-chromium (Cu-Cr). By cold rolling, a microhardness of as high as 194 HV was
obtained for the nano-treated copper-chromium (Cu-Cr). The nano-treated sample showed
improved thermal stability than pure copper-chromium (Cu-Cr). This work provides a new
pathway to design age-hardenable copper-chromium (Cu-Cr) alloys with improved properties

beyond current limits.
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Chapter 6 Conclusions

High performance (hardness, strength, electrical/thermal conductivity, Young’s modulus,
and corrosion resistance, etc.) copper (Cu) based materials are in strong demand in industry for
numerous applications. However, it has been a long-standing challenge to achieve high
performance Cu by scalable and cost-effective fabrication due to the limits of traditional
metallurgy. Pure Cu is very soft and improving the mechanical properties of Cu comes at great
expense of electrical and thermal conductivity. The properties of Cu alloys have reached certain
limits. There are also other inherent issues of alloying: Young’s modulus barely improved;
softening at elevated temperatures; brittleness caused by intermetallics. Nanotechnology enabled
metallurgy provides a new pathway to achieve significant performance enhancement of Cu that
cannot be achieved by conventional methods. The overarching goal of this dissertation is to
advance the fundamental understanding of nanoparticle effects on micro/nano-structures and
properties of Cu/Cu alloys, thereby overcoming the existing limits of Cu/Cu alloys. The specific
research objectives are to develop effective processing methods to synthesize and disperse
nanoparticles in Cu/Cu alloys; understand nanoparticle effects and break the limits of grain
refinement, phase modification, and property enhancement in Cu/Cu alloys by nanoparticles.

Effective nanoparticle synthesis and dispersion into Cu/Cu alloys was achieved by novel
molten-salt assisted ex-situ and in-situ fabrication. Two ex-situ processing methods were
developed to fabricate Cu matrix nanocomposites containing a wide volume fraction range of well
dispersed nanoparticles. Cu/WC nanocomposites with a series of WC volume fractions were
fabricated. Nanoparticles can effectively increase the hardness/strength and Young’s modulus of

the Cu/WC nanocomposites without significantly affecting electrical and thermal conductivity. By
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tuning the WC volume percentage, different combinations of properties can be achieved for
specific applications.

To enable the size control of the nanoparticles, novel in-situ synthesis of nanoparticles and
Cu matrix nanocomposites were also developed. In-situ Cu/TiB2 and Cu/W nanocomposites were
fabricated. The in-situ synthesis method can enable fabrication of metals reinforced by uniformly
distributed nanoparticles through conventional casting using inexpensive raw materials, which
also decreases the nanoparticle size and expand the choices of nanoparticles for Cu/Cu alloys.

In-situ TiB2 nanoparticles with an average size of 65 nm in the Cu matrix were synthesized
using two fluoride salts as Ti and B precursors and Al as the reduction agent. It was also discovered
that Al in molten Cu can stabilize TiB2 nanoparticles, which otherwise do not have good wetting
with molten Cu. This finding overcomes the challenge of incorporating TiB2 nanoparticles into
molten Cu. Further, a Cu-0.1Al-0.1Mg/3 vol.% TiB2 nanocomposite was designed and fabricated
by diluting CuAl/TiB2 master and alloying. Results showed that TiB2 nanoparticles effectively
increase the hardness while causing less deterioration of the electrical conductivity compared to
alloying with Al and Mg.

In addition, a novel and scalable method to fabricate Cu/W nanocomposites by casting
using inexpensive WO3 microparticles as the W precursor with salt-melt assisted in-situ reactions
was developed. The size of the in-situ W nanoparticles in Cu was reduced by decreasing the
reaction time and the concentration of WO3 dissolved in the molten salt. An average size of the in-
situ W nanoparticles as small as 132.7 nm was achieved. Roughly linear relationships between the
Young’s modulus and the microhardness of the in-situ Cu/W nanocomposites with the content of

W nanoparticles were discovered.
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A scalable manufacturing method was developed to fabricate bulk Cu containing high
contents of uniformly distributed in-situ CrBx particles via casting, assisted by aluminum
reductions. Two sets of inexpensive raw materials as B and Cr precursors, i.e., borax-CuCr and
KBF4-CrFs, were experimented with and compared. In-situ CrB and CrB: particles displayed
different morphologies. It was found that the aspect ratio of the same type of in-situ CrBxin Cu
was irrelevant to the precursor types. However, using KBF4-CrF3, smaller boride particle sizes in
the Cu matrix were achieved, due to the less severe coalescence of particles. Moreover, the in-situ
fabricated Cu/CrBx samples showed significantly enhanced mechanical property over pure Cu.

The effective grain modification in Cu was achieved. Bimodal grained Cu was fabricated
via casting followed by hot rolling, with the assistance of WC nanoparticles. The heterogeneous
grain structure results from the distribution of nanoparticles. As solidified Cu/WC displayed
ultrafine/nanoscale Cu grains due to the enhanced heterogeneous nucleation and restriction of
grain growth by nanoparticles. Hot rolling facilitated the growth of the Cu grains in the
nanoparticle-sparse zones, while grains in the nanoparticle-rich zones were stable owing to the
effective grain growth restriction by nanoparticles. This simple pathway can be potentially
extended to other materials to advance the production of bimodal grained metals.

Moreover, it was discovered that as-cast bulk UFG Cu can be achieved by microparticles
with surface nanofeaturesunder slow cooling. The microparticles with surface nanofeatures, which
were formed by the coalescence of nanoparticles, induce substantial grain refinement down to
ultrafine/nano scale. Additionally, exceptional thermal stability of the UFG/nanocrystalline Cu
was revealed, showing negligible grain growth after annealing at 600 °C (0.55 Tm) for 1 h.
Mechanical properties, including microhardness, strength, and Young’s modulus of the UFG Cu

were remarkably enhanced over pure Cu. This pathway of fabricating bulk UFG metals, assisted
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by microparticles with surface nanofeatures, has the potential to be extended to other materials and
greatly advance the mass productionand application of UFG/nanocrystalline metals, even for high-
temperature environments.

The significant phase modification of different Cu alloys (nano-treating) targeting the
intermetallic phase, the solid solution, and the precipitates was achieved.

High-Al bronze (Cu-14Al) with improved ductility is enabled by dispersed TiB>
nanoparticles. TiB2 nanoparticles are mainly located in B phase (AlCu3) and roughly separate the
B phase into individual cells, surrounded by nanoparticles. The TiB2 nanoparticles in the p phase
act as preferable heterogeneous nucleation sites of the y phase (CugAls) during solid-state phase
transformation. Moreover, phase transformation is confined in such cells surrounded by
nanoparticles. Thus, the very brittle y phase is eliminated at the grain boundaries, transformed to
globular appearances, and effectively refined. The elongation of the nano-treated sample is
effectively improved. It is anticipated that nano-treating of the hard but brittle high-Al bronze can
expand its applications. Nano-treating has great potential for modifying brittle alloys with
intermetallic phases to achieve enhanced properties.

Strong and corrosion-resistant Cu-4Al alloy is enabled by dispersed TiB2 nanoparticles.
The TiB2 nanoparticles are captured in the CuAl solid solution grains possibly by Brownian
capture. The TiB2 nanoparticles induce serrated grain boundaries in the nanocomposite. The Cu-
4A1/9.6 vol.% TiB:2 exhibits significantly enhanced microhardness and Young’s modulus over the
Cu-4Al counterpart. In addition, the severe intergranular corrosion of Cu-4Al is mitigated by the
TiB2 nanoparticles, which is anticipated to arise from the reduced grain boundary energy of

serrated grain boundaries and the partially blocked dealumination by nanoparticles at the grain
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boundaries. Thus, Cu4Al with dispersed TiB2 nanoparticles shows much enhanced properties over
the CuAl counterpart.

The effectiveness of nanoparticles to modify and refine the intermetallic phase in as-cast
CuZzrSi alloy to the ultrafine/nanoscale is demonstrated. While 1 vol.% of WC partially
transformed the ZrCuSi phase morphology at the micrometer scale, significant morphological
transition and refinement of the entire ZrCuSi phase down to the ultrafine/nanoscale was observed
upon addition of 4 vol.% WC nanoparticles, which may arise from increased heterogeneous
nucleation sites and the enhanced growth restriction from a significantly decreased interparticle
spacing. The hardness, strength, and plasticity of the CuZrSi alloy were simultaneously improved
by nano-treating with 4 vol.% WC dueto the effective intermetallic modification by nanoparticles.
Nano-treating has great potential for modifying various alloys to achieve materials with enhanced
properties.

Tungsten (W) nanoparticles effectively enhanced the aging behavior of Cu-1.2Cr.
Incorporating 2 volume percent tungsten (W) nanoparticles to Cu-1.2Cr reduced the peak aging
time significantly from 3 h to 45-60 min. Besides, a microhardness increase of 10.28 HV was
achieved for the nano-treated Cu-Cr aged for 45 minutes over the peak-aged pure Cu-Cr. By cold
rolling, a microhardness of as high as 194 HV was obtained for the nano-treated Cu-Cr. The nano-
treated sample showed improved thermal stability than pure Cu-Cr. This work provides a new
pathway to design age-hardenable Cu-Cr alloys with improved properties beyond current limits.

In summary, this dissertation presents the experimental study and the fundamental
understanding of nanoparticle effects on micro/nano-structures and properties of Cu/Cu alloys.
The nanotechnology enabled metallurgy in Cu/Cu alloys is considerably advanced. This pathway

has proven effective to break the limits of the traditional liquid metallurgy to enable high
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performance Cu. Itcan also be readily applied to other alloy systems for the rational design of high

performance materials.
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Chapter 7 Recommendations for Future Work

This dissertation has advanced the fundamental understanding of nanotechnology enabled
metallurgy in Cu/Cu alloys. The experimental study presented in this study has demonstrated the
high performance Cu by dispersing nanoparticles into Cu/Cu alloys. Nanoparticles can strengthen
the matrix, modify the grains and phases, which leads to unusual mechanical, electrical, thermal,
and electrochemical properties. To further utilize nanoparticles to solve metallurgy and material

processing problems, the recommended future work is as follows.

7.1 In-situ Study of Nanoparticles Enabled Grain and Phase Control

Direct observation of the grain/phase nucleation and growth modified by nanoparticles
would be of great significance to verify the nanoparticles-enabled grain and phase control
mechanism. Here we propose two approaches. First, the dynamic transmission electron
microscope (DTEM) at LLNL is a powerful tool to investigate nucleation with nanoparticles.
DTEM is a powerful tool to study transient, non-equilibrium behavior and microstructure
evolution with unprecedented spatial and temporal resolutions. The DTEM uses two pulsed laser
systems: one laser directed toward the specimen to initiate laser heating and one directed to a
photocathode that replaces the standard thermionic emission source in the electron gun. Second,
in-situ  synchrotron X-ray imaging is another powerful tool to directly observe the
nucleation/growth process. The time-evolved radiographs of the solidification process can be taken,
which will indicate the nucleation rate and growth velocity [199]. Inaddition, the fraction of active

nanoparticles during solidification can also be calculated.
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7.2 High-strength High-conductivity Cu

High-strength high-conductivity Cu based materials exceeding the currently achieved
properties are of interest to investigate. The possible route is to disperse nanoelements with
different types, morphologies, distributions, and volume fractions in Cu as well as properly tuning
the compositions of the matrix.

The microstructure/processing/property relationships should be established first, which
will guide the rational design of high-strength high-conductivity Cu by selecting the suitable
parameters.

Last but not least, theoretical models simulating the electron and phonon behavior in the
Cu matrix nanocomposites should be built, which in turn can predict the electrical/thermal

properties of the nanocomposites.

7.3 Laser Additive Manufacturing of Hard-to-Process Cu Assisted by
Nanoparticles

To deposit dense Cu parts with desired properties has been a great challenge because of
the extremely high laser reflection and thermal conductivity of Cu. The property tuning of metals
by nanoparticles has proven effective in this study. Facing similar challenges, Al has been
successfully deposited by laser additive manufacturing enabled by dispersed nanoparticles [198].
Thus, it is promising that the dispersed nanoparticles can also enhance the laser beam absorption
of Cuduring SLM. The fabrication of Cu matrix nanocomposite micropowders assisted by molten
salt has been successfully developed in this study. Besides, it has been demonstrated that dispersed

nanoparticles can significantly enhance mechanical performance while maintaining good thermal
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and electrical properties of Cu. Thus, high-performance and complex Cu parts are expected to be

built by laser additive manufacturing.

7.4 Nanoparticle-Enabled Ductility Improvement in Brittle Materials

(Intermetallics and High Entropy Alloys)

There can be a trade-off between strength and ductility. Materials such as intermetallics
and high-entropy alloys are strong but have limited ductility. It has been of great interest to
improve the ductility of such materials. The ductility enhancement in Cu alloys by
refining/modifying the intermetallic phase has been demonstrated in this study. Nanoparticles can
tune the micro/nano-structures such as grains, grain boundaries, and phases in such materials.
Besides, nanoparticles can also interact with dislocation during deformation. Thus, the potential
ductility enhancement of intermetallics and high-entropy alloys by suitable nanoparticles will be

another exciting research direction that is worth exploring.
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