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Abstract

First-principles calculations of thermodynamics and kinetics in spinel oxides for battery
materials

by

Tina J. Chen

Doctor of Philosophy in Materials Science and Engineering

University of California, Berkeley

Professor Gerbrand Ceder, Chair

Spinel-based materials have historically been one of the most promising frameworks for
Li-ion cathodes since the discovery of LiMn2O4 in 1983. The material was first proposed
due to the diamond network of face-shared unoccupied tetrahedral and octahedral sites in
Mn2O4, which offers a three-dimensional pathway for Li-ion transport. Since then, much
work has been spent on LiMn2O4 and its Ni-substituted derivative due to their use of Mn,
which is more abundant and less expensive than the Co used in the layered-based Li-ion
cathodes that dominate the portable electronic and electric vehicle industries. Furthermore,
the three-dimensional Li-ion conduction pathway in spinel has made the spinel framework
appealing for more applications than just Li-ion cathodes. Various spinel oxides and sulfides
have been proposed as potential Mg-ion cathodes, and a low voltage Ti-based spinel has
been proposed as a “zero-strain” Li-ion anode. The addition of spinel-like partial order has
also been proposed to aid the voltage profile and Li transport in the disordered rock salt
materials, which are a more recently-discovered class of high energy density Li-ion cathodes.

In this dissertation, I utilize first-principles techniques based on density functional theory cal-
culations and cluster expansion methods to investigate intercalation in a number of promising
spinel-based electrodes. In Chapter 1, I introduce in detail the spinel structure and the pos-
sible ways working ions can intercalate in the structure, as well as the techniques that will
be used in the following studies.

In Chapter 2, I investigate the barriers to Mg intercalation into the spinel-MgxCr2O4 sys-
tem. Using first-principles calculations in combination with a cluster expansion model and
the nudged elastic band theory, I calculate the voltage curve for Mg insertion at room tem-
perature and the activation barriers for Mg diffusion at varying Mg concentrations in the
Cr2O4 structure. Our results identify a potential limitation to Mg intercalation in the form
of stable Mg-vacancy orderings in the Cr2O4 lattice, which exhibit high migration barriers
for Mg diffusion in addition to a steep voltage change. Additionally, we propose cation
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substitution as a potential mechanism that can be used to suppress the formation of stable
Mg-vacancy orderings, which can eventually enable the practical usage of Cr2O4 as a Mg-ion
cathode.

In Chapter 3, I delve into understanding the kinetics of Li transport in spinel Li4Ti5O12,
which is a Li-ion anode exhibiting extraordinary rate capability. The rate capability of
Li4Ti5O12 is especially surprising given its two-phase reaction and slow diffusion within the
endmembers, in contrast to the typical fast-charging battery electrodes that are capable of
accommodating lithium continuously via solid-solution transformation. Through real-time
tracking of Li+ migration using operando electron energy-loss spectroscopy (EELS) combined
with first-principles investigation of the Li configurations, their simulated EELS spectra,
and Li migration barriers, it is revealed that the kinetic pathway that enables facile ionic
transport in lithium titanate consists of distorted Li polyhedra in metastable intermediate
states. This study highlights that the rate capability of fast-charging electrodes may not be
controlled solely by the intrinsic ionic diffusivity of macroscopic phases, but also by transport
via kinetically accessible low-energy landscapes. These findings may open new avenues for
designing fast-charging electrodes.

In Chapter 4, I investigate the thermodynamic effects of disordering the spinel framework
of LiMn2O4 towards understanding the partially disordered Li-excess spinels, a promising
class of high energy density Li-ion cathodes with good discharge rate capability. To eluci-
date where in the partially disordered space the optimal materials lie, we investigate the
configuration space of spinel with Mn disordered over the 16c and 16d sites. Using a cluster
expansion in conjunction with Monte Carlo simulations, we find that disorder shortens the
deleterious ∼3V plateau between LiMn2O4 and Li2Mn2O4 by raising the energy landscape
and stabilizing the motifs found in solid-solution configurations, and the plateau is com-
pletely removed with 25% Mn 16c occupancy. We expect partially disordered spinels with
this level of disorder to exhibit both solid-solution behavior as well as good rate due to the
remaining spinel character. We also identify Ti-doping and Li-excess as potential ways to
facilitate 16c/16d disordering.
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Introduction
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In this chapter, I briefly review the conventional Li-ion cathodes and anodes and a few
appealing alternatives, as well as Mg-ion batteries as a battery technology with the potential
for significantly higher energy density. As spinel-structured oxides show promise across
many different systems, I discuss the spinel structure, intercalation in the spinel framework,
and the challenges and questions remaining for some spinel oxide electrodes. Following an
introduction of first-principles methods for studying the thermodynamics and kinetics of
intercalation systems, Chapters 2, 3, and 4 present the investigations of three spinel oxides
of interest.

1.1 Intercalation batteries

Rechargeable batteries based on ion intercalation are used as the energy storage device in
nearly all portable electronics from smartphones to laptops. They are also the energy storage
device of choice in electric vehicles.[1] As the widespread replacement of fossil fuel-powered
cars with electric vehicles presents both economic and environmental benefits, improvements
to ion-intercalation batteries are needed to propel the electrification of transportation. Bat-
teries with higher capacities would increase the driving distance of electric vehicles; faster

Figure 1.1: Schematic of intercalation battery Representation of the major components
of an intercalation battery. Arrows show the direction of electron (e−) and working ion
(An+) motion during discharge. During charge (energy storage), the directions are reversed.
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rate capability would lead to shorter charging times; and improved cycle life would give
rise to longer lasting batteries. Lithium-ion (Li-ion) batteries are the leading technology in
terms of energy density, but the highest energy density Li-ion batteries use cobalt, which is
both expensive and resource-scare.[2] Thus, it is imperative to develop alternative batteries
or battery components that can not only provide higher energy density and increased rate
capability but also accommodate the expected increase in demand for energy storage.

Batteries based on the intercalation of ions store chemical energy through an electro-
chemical oxidation-reduction (redox) reaction. During discharge, “working ions” (e.g., Li+)
are shuttled from an anode to a cathode through an electrolyte, driven by the difference in
the working ion’s chemical potential between the two electrodes (Figure 1.1). In the pro-
cess, the anode is oxidized, delivering electrons to the external circuit, while the cathode
accepts electrons and is reduced. The electrolyte separating the two electrodes is generally
an electronically-insulating non-aqueous liquid. In charge, an external potential is applied
to reverse the reaction. The remainder of this section discusses some electrodes currently
implemented in or being researched for Li-ion batteries and introduces Mg-ion batteries as
an alternative technology.

1.1.1 Electrodes in Li-ion batteries

Li-ion cathodes

Currently, the Li-ion cathode industry is dominated by well-ordered layered materials, such as
LiCoO2 in the portable electronics industry and Li(Ni,Mi,Co)O2 (NMC) and Li(Ni,Co,Al)O2

(NCA) in the electric vehicle industry. With their two-dimensional pathways enabling facile
Li transport, these layered materials display impressive electrochemical performance but
require Co or Ni, which are both expensive and resource-scarce as shown in Figure 1.2 [2, 3],
to remain chemically stable in octahedral environments.[4] With demand for Li-ion batteries
expected to grow nearly 5-fold in the upcoming decade [5], further development of high
energy density cathodes with alternative structures that can utilize broader chemistries is
needed.

One prime example of such an alternative structure is the spinel structure, which can
employ redox in less expensive transition metals (TM), such as Mn and Fe. Spinel LiMn2O4

and its Ni-substituted derivatives are promising alternatives to layered Co-based materials
[6–8], but a two-phase transition associated with significant non-homogeneous volume change
nearly halves its practical capacity.[9, 10] The disordered rock salt Li-excess (DRX) materials
are another class of materials that has shown potential as high energy density cathodes that
can accommodate more earth-abundant and less costly TM, such as Mn, Fe, and Cr.[11–13]
However, although DRX materials can achieve capacities up to 300-350 mAh g−1 [14–18],
such high capacities are only obtainable by cycling to extreme voltages (down to 1.5 V and
up to 4.8-5.0 V) where current Li-ion electrolytes are usually no longer stable.
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Figure 1.2: Price and abundance of first-row transition metals Prices are for metals,
except for the Ti price which was obtained from the metal oxide, and abundance is based on
fraction of the earth’s crust. From data published in Nitta, et al. [3] and Clément, et al. [2].

Li-ion anodes

The most widely used anode in Li-ion batteries is graphite, which can accommodate Li
between its layers of carbon. Due to its low cost, theoretical capacity (372 mAh g−1) above
most cathodes, and good cycling stability, it has remained prevalent since its first use in
Li-ion batteries in 1994.[19] However, some safety concerns still remain due to graphite’s low
lithium potential (between 0.25 V and 0.1 V [19]), which causes the formation of a solid-
electrolyte interphase (SEI) between the graphite and electrolyte and can potentially cause
Li plating [20]. The decomposition of the SEI, which can occur at temperatures as low as
60°C [21, 22], can lead to thermal runaway [23, 24], while Li dendrites can form during fast
charging [25] or at low temperatures [26], leading to short-circuiting [27, 28].

One potential alternative Li-ion anode is Li4Ti5O12, a spinel oxide operating at ∼1.55V
[29], high enough to avoid the potential safety issues of graphite. Furthermore, it has high
power [30, 31], good thermal stability, fast-charging capability [32–34], and undergoes very
small volume change during lithiation [35], providing it with long cycle stability [36]. The
main drawback of Li4Ti5O12 is its low theoretical capacity (175 mAh g−1). Li metal is another
potential anode, with the advantage of exceedingly high theoretical capacity (3860 mAh g−1).
However, it is also plagued by dendrite formation [37], which can cause short circuiting and
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has prompted research into all solid-state batteries that use fast Li-ion conductors as solid
electrolytes.

1.1.2 Mg-ion batteries as an alternative to Li-ion batteries

Mg-ion batteries offer significant improvements in energy density compared to conventional
Li-ion batteries because they can be utilized directly with a Mg metal anode. The more uni-
form Mg deposition during electrochemical cycling leads to greater suppression of dendrite
formation compared to Li metal anodes.[39] However, Mg-ion batteries currently face chal-
lenges in the form of incompatible electrolytes with limited anodic stability [40] and cathodes

Figure 1.3: Comparison of Mg spinel oxide with current Mg-ion cathodes Voltage,
gravimetric energy density, volumetric energy density, Mg-ion migration barrier, cyclability,
and abundance of transition metal in the earth’s crust for the state-of-the-art chevrel Mo6S8

and spinel Ti2S4 Mg-ion cathodes compared with those of spinel MgMn2O4. Data and plots
originally published in Canepa, et al. [38]
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with either poor Mg-ion mobility or low energy density [38, 41]. For example, the state-of-
the-art Mg-batteries employ low-voltage sulfide cathodes, such as Chevrel-Mo6S8 [42] or
spinel-Ti2S4 [43–45]. Oxide-based Mg-ion cathodes, on the other hand, offer the possibility
of high energy density due to their higher average voltages but tend to have generally poor
Mg-ion mobility [46], as shown in Figure 1.3, and potential conversion side-reactions [38, 47,
48]. One pathway to improving Mg-ion mobility in oxides is finding frameworks that host Mg-
ion ions in an “un-preferred” coordination environment. Migrating from an “un-preferred”
coordination environment and through a transition state with the “preferred” environment
serves to decrease the site energy contribution to the associated migration barrier.[46] Based
on this criterion, spinel is a structure expected to have reasonable Mg migration because it
hosts Mg in a tetrahedral environment instead of the preferred octahedral environment.[49,
50] Indeed, a recent study has demonstrated facile Mg-transport in ternary chalcogenide
spinels, with potential applications as Mg solid electrolytes.[51, 52]

1.2 Spinel materials as electrodes

Materials with the spinel structure have arisen as promising candidates for the various sys-
tems described thus far. For example, LiMn2O4 presents a cheaper alternative for high energy
density Li-ion cathodes, Li4Ti5O12 a potential safer high power Li-ion anode, and Mg spinel
oxides a class of possible high voltage Mg-ion cathode. Given the general effectiveness of
spinel systems as electrodes, insight into the structure and in what manner it is intercalated
is useful for understanding its success as well as directions for improvement.

1.2.1 The structure of spinel AB2O4

The AB2O4 spinel structure, as shown in Figure 1.4a, is composed of A cations occupying
tetrahedral 8a sites (orange polyhedra) and B transition metal cations occupying the octahe-
dral 16d sites (blue polyhedra) within a cubic close-packed O lattice (32e, vertices of orange
and blue polyhedra). In a polyhedral representation, the structure consists of B-octahedra
that are edge-sharing with other B-octahedra and vertex-sharing with A-tetrahedra. The
A-tetrahedra are separated by octahedral interstices (the unoccupied 16c sites). In any given
⟨110⟩ direction, the spinel structure can be visualized as tunnels, which intersect at regular
intervals allowing 3-D diffusion of A atoms through the structure via hops through the empty
16c site.

1.2.2 Intercalation in spinel oxides

In the Li-ion and Mg-ion oxide systems, intercalation up to a stoichiometry of AB2O4 in-
volves insertion into the 8a-tetrahedra. In the case of Li, this is due to Li’s preference for
tetrahedral coordination.[49] For Mg, which generally prefers 6-fold coordination, the tetra-
hedral occupancy is driven by the nearest-neighbor pair interactions [53], as evidenced by
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Figure 1.4: Structure of spinel Structure of AB2O4 spinel conventional cell, with A in
tetrahedral (orange) and B in octahedral (blue) coordination. All vertices of polyhedra are
occupied by O (not shown). (b) AB2O4 spinel structure demonstrating full, half full, and
empty tunnels, as viewed along the ⟨110⟩ direction.

Mg octahedral occupancy in spinels with S2− [44, 54], which is more polarizable and thus
better shields charge.[55] Low energy AxB2O4 configurations where x < 1 often consist of
combinations of fully-occupied, half-occupied, and empty tunnels (Figure 1.4b).

When x in AxB2O4 exceeds 1, most spinel systems with tetrahedral A occupancy up to
xA = 1 undergo a two-phase transition between AB2O4 and A2B2O4, during which inser-
tion of A into AB2O4 causes the collective transition of A-ions from tetrahedral 8a sites to
neighboring octahedral 16c sites. The endmembers of this transition, spinel (a) and lithiated
spinel (b), are shown in Figure 1.5 for the case of LixMn2O4. Due to the proximity between
the A-occupied 8a tetrahedra and the unoccupied 16c sites, any A ion inserted into a 16c
site of AB2O4 experiences face-sharing with two A-occupied 8a tetrahedra and the concomi-
tant electrostatic repulsion. The connectivity of the 8a-16c network, in which each 8a site
face-shares with four 16c sites and each 16c site face-shares with two 8a sites as depicted
in Figure 1.6a for AB2O4, then prohibits the local rearrangement of A from removing the
face-sharing environments, as shown in the two configurations of A1+δB2O4 in Figure 1.6b-c.

Mg-intercalation in spinel oxides have generally been limited to 0 < xMg < 1 (in
MgxB2O4). While recent works have shown that electrochemical intercalation through the
spinel-lithiated spinel phase transition is possible in some spinel oxides [56, 57], such interca-
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Figure 1.5: Endmembers of LiMn2O4-Li2Mn2O4 phase transition Structure of spinel
LiMn2O4 (a) and the lithiated spinel (tetragonal rock salt-like) Li2Mn2O4 (b). Li and Mn
are shown in green and purple polyhedra, and the O framework is shown as red spheres.
The 8a tetrahedral (16c octahedral) Li and 16d octahedral Mn are shown in spinel LiMn2O4

(lithiated Li2Mn2O4), and the empty (i.e., unoccupied) 16c (8a) is shown with a small white
sphere and transparent polyhedra to show their respective locations to the filled 8a (16c).

b c

Face-sharing 
contact

a LiMn2O4 Li1+𝛿Mn2O4 Li1+𝛿Mn2O4

Figure 1.6: 2-D depictions of tetrahedral 8a-octahedral 16c network for LiMn2O4

(a) and two configurations of Li1+δMn2O4 (b,c). Occupied 8a and 16c are shown as green
triangles and squares, while unoccupied 8a and 16c are shown as long dashes and dots. Face-
sharing contacts with occupied 8a and 16c sites are highlighted by dashed red arrows.
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lation requires elevated temperatures up to 150°C [58], and the reversibility of such reactions
have not yet been proven. Large polarization is also seen during magnesiation across the
phase transition.[59] Such difficulties observed with the intercalation of xMg > 1 are in-
dicative of sluggish Mg mobility, which can stem from Mg sitting in octahedral 16c sites in
the lithiated spinel phase that appears when xMg > 1, rather than the tetrahedral 8a sites
when xMg < 1. Because Mg in octahedral 16c sites do not benefit from the “un-preferred”
coordination that leads to reasonable Mg mobility when xMg < 1, they are unlikely to be
particularly mobile without the shielding effects of more polarizable anions such as S2− and
Se2−. Thus, we consider here only Mg intercalation in the tetrahedral 8a sites of Mg2B2O4.

1.2.3 Challenges and questions in spinel oxide electrodes

Mg-based spinel oxides

Although the spinel oxides are especially promising due to their high voltage and “un-
preferred” Mg coordination environment, few have successfully been shown to intercalate
Mg. One of the few oxides that can intercalate Mg2+ electrochemically, albeit poorly, is
Mn2O4.[60–62] It also exhibits a good average voltage (∼2.9 V), high theoretical capacity
(∼270 mAh/g), and reasonable Mg migration barriers (∼500-600 meV in the dilute vacancy
limit).[63, 64] However, a major issue with Mn2O4 is the tendency of the spinel to undergo
“inversion”, which is the exchange of the cations in octahedral sites (i.e., Mn3+/4+) with the
cations in tetrahedral sites (i.e., Mg2+).[65–68] Inversion is especially evident in Mg-based
systems compared to Li-based systems due to Li’s preference for tetrahedral coordination [49]
and thus lower propensity for inversion. As a consequence of Mn 8a occupation, inversion
in the spinel structure can cause blockage of Mg percolation paths, which can severely limit
both the macroscopic transport of Mg through the cathode particle and the practical capacity
that can be extracted.[50] Notably, the facile disproportionation of Mn3+ to Mn4+ and Mn2+

has been attributed by previous studies to aid inversion in Mn-spinels.[69] Thus, in addition
to the general challenge of sluggish Mg-ion mobility in oxides, any spinel oxides considered
for potential Mg-ion cathodes must also be resistant to inversion.

Fast-charging in Li4Ti5O12

Li4Ti5O12 is a spinel anode that can fast-charge at ∼1.55V [32, 35], above the potential
of the Li plating and SEI formation to which graphite anodes are susceptible. In contrast
to most of the AB2O4 spinel oxides, where A is the working ion and B is the transition
metal that is reduced/oxidized during cycling, Li4Ti5O12 is a Li-excess spinel, in which Li
is substituted in 1/6 of the Ti 16d sites, and intercalates 1 Li across the phase transition

from Li
(8a)
3 (LiTi5)

(16d)O12 to Li
(16c)
6 (LiTi5)

(16d)O12. Because intercalation through a two-phase
region is generally associated with the additional kinetic barriers of nucleation and growth of
the second phase, most commercial electrodes (e.g., layered LiCoO2 [70] and spinel LiMn2O4

[71]) generally intercalate through solid solution with only a few weak phase transitions
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due to Li/vacancy ordering. Thus, the fast-charging ability of Li4Ti5O12 is contrary to the
slower kinetics expected during intercalation through a phase transformation. LiFePO4 is
another electrode that appears to intercalate at high rate [72] across a two-phase region.
However, rather than its equilibrium phase transformation, it intercalates through solid-
solution configurations accessible by a small overpotential during (dis)charge.[73] A similar
level of insight on fast-charging in Li4Ti5O12 may provide guidance on developing more spinel
electrodes with high rate capability.

Spinel LiMn2O4

Although LiMn2O4 holds promise as a potential cheaper high energy density Li-ion cathode,
a strong two-phase transition severely limits its practical accessible capacity. This two-phase
transition occurs from spinel LiMn2O4 to the lithiated spinel Li2Mn2O4 at ∼3 V, and the
addition of Li+ is accompanied by the reduction of Mn from an average oxidation state of 3.5+

to 3+. The d4 configuration of Mn3+ causes Jahn-Teller distortion of its octahedral complex
in which one axis elongates to break the degeneracy of the eg states. Due to the 16d ordering
in spinel, the Mn3+ experience collective Jahn-Teller distortion and elongate along the same
axis.[9, 74] The non-homogeneous distortion causes cracking of the LixMn2O4 particles and
a drastic decrease in cyclability compared to LixMn2O4 cycled above the voltage at which
the two-phase transition occurs (3.0-4.3 V).[75] Cycling in LixMn2O4 is thus practically
limited to 0 < xLi < 1, which has a theoretical capacity of ∼148 mAh g−1 compared to a
theoretical capacity of ∼285 mAh g−1 when 2 Li can be cycled in Mn2O4. Significant effort
has been dedicated to investigating strategies based on doping (by e.g., Ni, Cr, Mg) [76–78],
particle morphology (nanoparticles) [79–81], and defects (Mn interstitials, edge dislocations)
[82, 83] to suppress the collective Jahn-Teller distortion. However, doping has mainly been
applied to stabilize the LiMn2O4 structure for cycling between Mn2O4 and LiMn2O4, and
nanoparticles tend to have increased surface reactions such as Mn2+ dissolution due to the
increased surface area and are more difficulty to coat.[84] The defect-based strategies and
other strategies that alter the structure of spinel LiMn2O4, on the other hand, may provide
a basis for suppressing not only the collective Jahn-Teller distortion but also the two-phase
reaction and its associated rate-limiting kinetics.

1.3 First principles methods for intercalation

batteries

1.3.1 Density functional theory for battery materials

With the increase in computing power and capability of computational methods, atomistic
simulations have become integral to guiding materials design and providing insight into
mechanisms on the atomic scale. One of the main methods used in atomistic simulations
is density functional theory (DFT), which is an approach introduced by Hohenberg, Kohn,
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and Sham [85, 86] to solving the 0K ground state and internal energy of a many-electron
system at the first-principles level. The energies and local ground state structures from
DFT can be used to calculate the thermodynamic stability of orderings or polymorphs while
properties such as magnetic moments, charge distributions, and electronic density of states
can be obtained from the electronic ground states. In this dissertation, we use DFT as
implemented in the Vienna ab initio simulation package (VASP) [87] with the plane-wave
basis set [88] and wave functions constructed using the projector augmented wave (PAW)
theory [89] with a well-converged energy cut-off of 520 eV.

While exact in its formulation, the application of DFT requires a number of approxi-
mations and corrections. In particular, an approximation must be made on the exchange-
correlation energy (Exc), which includes the energy associated with enforcing antisymmetry
of the wavefunction upon electron exchange (exchange) and the error in energy from exclud-
ing interactions between individual electrons such as screening (correlation).[90] Because the
true form of Exc is unknown, it is generally approximated by assuming local points of the
electron density have the exchange-correlation energy density of a homogeneous electron gas
of the same density (local density approximation). The generalized gradient approxima-
tion (GGA) also takes into account the gradient of the density.[91] Recently, the Strongly
Constrained and Appropriately Normed (SCAN) meta-GGA functional [92] has been gaining
popularity; due to its semilocal nature and appropriate parametrization of the medium-range
van der Waals interactions, SCAN predicts ground states better than GGA while being less
computationally expensive than hybrid functionals and most other meta-GGA’s.[93, 94] An-
other correction sometimes required for DFT is the Hubbard U correction, which helps to
localize electron density to transition metals and approximately treat the self-interaction
problem of d electrons. In Chapter 2, we use the Perdew–Burke-Ernzerhof (PBE) GGA
functional with a Hubbard U correction, while Chapter 3 uses PBE without a U correction
due to the delocalized nature of Ti electrons, and Chapter 4 uses the SCAN functional.

With appropriately-chosen approximations and corrections, it is possible to calculate
many properties relevant to intercalation systems. The average intercalation voltage of a
battery can be obtained solely from the total DFT energies of the intercalated and dein-
tercalated structures and the metal anode.[95, 96] This result can be obtained from the
description of voltage as the chemical potential difference of working ion A between the
cathode and an anode of metal A

V (xA) = −µcathode
A (xA)− µanode

A

nF
(1.1)

where V (xA) is the voltage as a function of the concentration of working ion A, µcathode
A and

µanode
A are the chemical potentials of A in the cathode and anode, n is the charge transferred

by a single A ion, and F is Faraday’s constant. The average voltage can then be deduced by
finding that the total electrical energy E from discharging between Ax2BO2 and Ax1BO2 is
the total reaction free energy change ∆Gr. This result can be obtained by recalling that the
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chemical potential of A in the cathode is its change in free energy with xA and integrating
the voltage from equation 1.1 times displaced charge.[95] From the Nernst equation, the
average intercalation voltage V̄ is then

V̄ = −∆Gr

nF
.

Assuming minimal entropic contribution, ∆Gr can be approximated as the total reaction
change in internal energy ∆Er, and the average intercalation voltage associated with Ax2BO2

→ Ax1BO2 + (x2 − x1)A can then be written as

V̄ = −E(Ax2BO2)− E(Ax1BO2)− (x2 − x1)E(A)

nF
(1.2)

where E(Ax2BO2) and E(Ax1BO2) are the internal energies of the intercalated and dein-
tercalated materials, and E(A) is the internal energy of the bulk metal A. Average voltage
calculations can be performed between the fully intercalated and deintercalated materials
to obtain the overall average voltage of the material or between ground state A/vacancy
orderings (adjacent in composition) to approximate the 0K voltage curve.[95, 96]

The stable A/vacancy orderings can be found from a set of configurations and their
energies (e.g., from DFT) by comparing their formation energies. The formation energy with
respect to the fully intercalated and deintercalated reference phases (Ef ) of a configuration
with intermediate composition (AxBO2 between BO2 and ABO2) can be written as [96]

Ef (AxBO2) = E(AxBO2)− xE(ABO2)− (1− x)E(BO2). (1.3)

The stable phases are then the members forming the lower convex hull of the formation en-
ergies of the configurations, and phases above the convex hull have thermodynamic driving
force (equal to their energy above the hull) to decompose into the stable phases or combi-
nations of the stable phases. An example convex hull for Li in layered LixNiO2 from Arroyo
y de Dompablo, et al. [97] is shown in Figure 1.7a. Such convex hulls can be constructed
in binary systems, as in intercalation, or ternary and more complex systems, although the
difficulty of visualization increases with dimension.

Connections between the voltage curve and the phase diagram are apparent when con-
sidering the calculation of the 0K voltage curve based on A/vacancy orderings from the
convex hull. Voltage drops are associated with A/vacancy stable orderings, while voltage
plateaus indicate two-phase regions between stable orderings. Stronger orderings, i.e., or-
derings much lower in formation energy than the tie-line between adjacent orderings, result
in longer voltage drops. Configurational entropy at non-zero temperatures tends to smooth
out the voltage curve by adding solubility to stable orderings and creating solid-solution
behavior in areas with many stable or nearly-stable orderings. This effect can be seen in the
simulated room-temperature voltage curve in Figure 1.7b from Arroyo y de Dompablo, et
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(a)

Figure 1.7: Calculated convex hull and voltage profile of LixNiO2 (a) Convex hull from
calculated formation energies of ordered LixNiO2 configurations, and (b) voltage-composition
curve simulated at room temperature by cluster expansion Monte Carlo methods. Data and
plots originally published in Arroyo y de Dompablo, et al. [97].

al. [97]. Such effects from configurational entropy at non-zero-temperature can be obtained
by combining a cluster expansion, which parametrizes the total energy of configurations in
terms of site occupancies on the lattice and is fit to the interactions of clusters of sites, with
Monte Carlo simulations.

1.3.2 Cluster expansion and Monte Carlo methods

A cluster expansion (CE) models the configurational energetics of the system, which can
be used in conjunction with Monte Carlo (MC) methods to simulate finite-temperature
thermodynamics.[98–101] Specifically, the CE is a model mapping lattice configurations to
their energies, where the Hamiltonian can be expressed as:

E(σ) =
∑
β

mβJβ⟨Φα(σ)⟩β. (1.4)

Here, E is the energy as a function of the occupation string σ; β is a collection of symmetrically-
equivalent clusters α; mβ is the number of clusters in that collection, properly normalized;
Jβ is the effective cluster interaction (ECI); and Φα is the cluster function, whose average
over the crystal is called the correlation function. The cluster function is the product of
single-site basis functions, for which we use σi = +1(-1) when i is occupied by Mg (vacancy)
in Chapter 2 and the sinusoidal basis functions described in Van de Walle, et al. [102] for
disorder beyond the binary level in Chapter 4. An additional electrostatic term can be used
to help capture electrostatic interactions that aid in maintaining long-range charge neutrality
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in MC simulations [103, 104], as in Chapter 4. Though the summation in the Hamiltonian
in 1.4 is performed over all possible clusters of the lattice, in practice clusters are truncated,
usually to include clusters only up to triplets or quadruplets up to a maximum distance.
Such CE have previously been used to model Li-vacancy disorder in layered LixCoO2 [105]
and LixNiO2 [97] and cation disorder in DRX compounds [103, 106, 107].

The cluster interactions of the CE can be fit by methods such as compressive sensing [108],
quadratic programming, l1-norm regularization, l0-l2 regularization [109], sparse group lasso
[110], etc. Due to the increasing number of clusters with the system complexity, the total
number of clusters is often much larger than the number of energies that can be calculated
with DFT, even after truncation. In ionic systems where species are given explicit oxidation
states, linear dependencies due to charge-neutrality constraints can arise between correlation
functions.[110] For both these reasons, most fitting methods apply regularization to reduce
the effects of overfitting and linear dependencies.

The fitted CE in conjunction with MCmethods enable the calculation of finite-temperature
thermodynamics that include the effects of configurational entropy. Voltage curves can be
calculated through constant-temperature scans in chemical potential of the working ion by
applying Equation 1.1, as shown in Figure 1.7b. Phase diagrams of temperature and compo-
sition can also be obtained by a series of constant-temperature scans in the relevant chemical
potential at varying temperatures and detecting phase transitions through discontinuities in
composition and energy.[97, 103, 105, 111] Disordered structures of a known composition
can be simulated through high-temperature constant-composition equilibration.[107, 112]

For some phase transitions that cause significant numerical hysteresis in MC simulations,
free energy integration is necessary to determine the equilibrium chemical potential and
composition of the transition. Such a method involves integrating — from reference states
whose free energy is known — either along a constant-temperature path or a constant-
chemical potential path to obtain a free energy, namely the grand potential in the grand
canonical ensemble. Along a fixed temperature (T0) scan of chemical potential (µ), the
grand potential Φ(T, µ) = ⟨E⟩ − TS − µ⟨N⟩ can be integrated via

Φ(T0, µ) = Φ(T0, µ0)−
∫ µ

µ0

⟨N(T0, µ)⟩ dµ (1.5)

while integration along a fixed chemical potential (µ0) scan of temperature (T ) involves

βΦ(T, µ0) = β0Φ(T0, µ0) +

∫ T

T0

(⟨E(T, µ0)⟩ − µ0⟨N(T, µ0)⟩) dβ (1.6)

where N is the concentration, β = 1/kBT , β0 = 1/kBT0, and kB is the Boltzmann con-
stant.[113] For example, the equilibrium voltage through the phase transition between spinel
AB2O4 and lithiated spinel A2B2O4 can be calculated through (constant-temperature) scans
in increasing µA from the xA = 1 spinel-ordered reference state and decreasing µA from the
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Figure 1.8: Example migration path and energy profile of minimum energy path in
Ti2S4 (a) Example migration path in spinel from a tetrahedral site (Es) through a triangular
face (Ea) to an intermediate octahedral site (Ei) and back through a triangular face to a
tetrahedral site. Originally published in Rong, et al. [46] (b) Energy profiles of the minimum
energy paths (MEP) of Ca, Mg, and Zn in spinel Ti2S4, with Mg MEP labeled with the
respective energies of the tetrahedral, activated triangular, and intermediate octahedral sites.
Originally published in Liu, et al. [115]

xA = 2 lithiated spinel-ordered reference state. The equilibrium pathway and voltage is
then determined by taking the lower envelope of the grand potentials obtained by applying
Equation 1.5 in both scans, as described in [113, 114].

1.3.3 Migration barriers using the nudged-elastic band method

The diffusion of ions in intercalation materials can be modeled based on the probabilities of
individual ion hops through the application of transition state theory (TST). From TST, the
rate of a given ion hop can be obtained from only the energies of the ion in its initial state
(which is a local energy minimum) and the activated transition state (which is a saddlepoint
in the energy) and is given by

rTST = νe
− Ea

kBT

where ν is the attempt frequency, which is generally on the order of 1012 to 1013 in solids [116];
Ea is the activation barrier, which is the difference between the energies of the activated and
initial states; kB is the Boltzmann constant; and T is the temperature at which the process
occurs.[117] The activation barrier, or the migration barrier in the case of ion migration, can
be estimated using the nudged-elastic band (NEB) method. In NEB, a band is generated
consisting of a chain of images (replicas) of the system along a path including the activated
state between two locally stable endpoint configurations. The potential energy of the band
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and its images are optimized simultaneously. To control spacing between the images along the
band and avoid corner-cutting of the path, the optimization includes spring forces between
the images and projects out the forces perpendicular to the band.[118, 119] The result is
a discrete representation of the path and the energies and forces along it, as shown in the
energy profiles of the minimum energy paths (MEP) in Figure 1.8b. Because energies in
the energy profile are referenced to the initial state, the barrier to migration is given by
the maximum of the energy profile. A representation of the migration paths of Figure 1.8b
marked with the stable and activated states is shown in Figure 1.8a.

1.4 Motivation and outline

The advantages of the spinel structure, namely the 3-D pathways open to facile ion motion,
the ability to use more earth-abundant transition metals, and the coordination environments
favorable for Mg-ion migration, when applied to Li-ion and Mg-ion electrodes present op-
portunities to develop new potential intercalation materials. Further understanding of the
mechanisms behind successful spinel electrodes such as Li4Ti5O12 can also be utilized to
guide the search for other high-performance materials. Based on the previously discussed
gaps in (1) high voltage Mg-ion cathodes, (2) understanding of the high-rate in Li4Ti5O12,
and (3) full utilization of the theoretical capacity in LiMn2O4, we perform a series of in-
vestigations on the thermodynamics and kinetics of intercalation in three spinel systems by
leveraging the first-principles methods described in Section 1.3. From the combination of
these studies, we aim to obtain a broader perspective on the barriers to intercalation and
mechanisms for fast transport in spinel materials as well as pathways to engineer the spinel
structure. The remainder of the dissertation is organized as follows.

Chapter 2 presents an evaluation of the spinel MgxCr2O4 system as a potential high
voltage Mg-ion cathode. We examine potential thermodynamic barriers to Mg intercalation
and kinetic barriers to Mg migration by simulating the voltage profile and assessing Mg mo-
bility at varying Mg concentration. We also consider the potential for Mg-Cr inversion due to
Cr disproportionation. Chapter 3 examines the origins of fast Li-ion mobility in Li4Ti5O12

through a combined experimental and computational study. We identify features ampli-
fied at high (dis)charge rate in operando electron energy-loss spectra, and correlate those
features with local Li-Li face-sharing environments that enable facile Li-ion migration. We
also present a hypothesis regarding the nature of the phase transformation in Li4+xTi5O12.
Chapter 4 explores the disorder of Mn from the 16d sites onto the 16c sites in LixMn2O4

as a route to removing the problematic two-phase region between LiMn2O4 and Li2Mn2O4.
Simulated voltage curves of the disordered spinels demonstrate a closing of the two-phase
region with greater levels of disorder. We also identify the mechanisms behind the changes
in the voltage curve. In addition to recommendations on levels of disorder for the partially
disordered spinels, we also propose compositional changes to facilitate reaching such levels
of disorder. Chapter 5 concludes the dissertation with the main findings and suggestions
for avenues for further development of spinel-based materials for intercalation batteries.
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Chapter 2

Magnesium chromate spinel as a
potential Mg cathode

Part of this chapter has been published in:
T. Chen, G. Sai Gautam, W. Huang, & G. Ceder (2018). First-principles study of the voltage
profile and mobility of Mg intercalation in a chromium oxide spinel. Chemistry of Materials
30 (1), 153-162.

17



While Mg-ion batteries have the potential for higher energy density and better safety, the
search for high voltage Mg-ion cathodes is hindered by the higher charge state of Mg2+ and
thus its more sluggish mobility compared to Li+ in oxides. The spinel structure where Mg
occupies the 8a sites is appealing because it sits in an “un-preferred” tetrahedral coordination
environment and passes through its “preferred” octahedral coordination during migration.
Mg is thus expected to have lower barriers to migration and reasonable mobility within the
spinel structure when it occupies the 8a sites.[46, 49] Compared to Li intercalation, Mg
intercalation in the spinel framework presents a number of other obstacles unique to Mg.
Due to its higher charge state, Mg may form stronger orderings within the framework. Mg
is also more prone to inversion (swapping with the transition metal on the 16d site) as seen
in MgxMn2O4 due to Mg’s preference for octahedral coordination [49]. In this chapter, we
investigate Mg intercalation in a promising spinel oxide, MgxCr2O4, which is expected to
have reasonable migration barriers and should be less prone to inversion than MgxMn2O4.

2.1 Introduction

Mn2O4 is one of the few oxides that has demonstrated electrochemical Mg intercalation [60–
62]. However, inversion in Mn2O4 can block percolation, limiting the practical capacity that
can be extracted.[50] Spinel-Cr2O4 is another promising oxide cathode, exhibiting similar
theoretical capacity to Mn2O4 (∼280 mAh/g), a significantly higher voltage (∼3.6 V), and
comparable migration barriers (∼600-650 meV).[63] Furthermore, Cr3+/Cr4+ ions tend to
strongly prefer 6-fold coordination [4, 49] owing to large crystal field stabilization energies
[120, 121], resulting in MgxCr2O4 being less prone to invert upon Mg (de)intercalation.
However, previous studies have reported Cr4+ disproportionation into Cr3+ and Cr6+ [122,
123], the latter of which tends to prefer 4-fold coordination [122, 124]. Additionally, even
though previous work has suggested the prevalence of conversion reactions in oxide cathodes
[38, 47, 48], the MgCr2O4 system is unlikely to undergo conversion reactions upon discharge
due to the thermodynamic stability of spinel-MgCr2O4, as determined by the 0 K Mg-Cr-O
ternary phase diagram.[123, 124]

Spinel MgCr2O4 has previously been studied for its magnetic properties.[125–132] In this
chapter, we investigate the properties of Mg intercalation in the tetrahedral 8a sites of Cr2O4

spinel in detail using first principles calculations. To evaluate the free energy and Mg chemi-
cal potential in the material we use the cluster expansion approach, which has been previously
used to calculate phase diagrams in Li [97, 105, 133], Na [113], and Mg [134] intercalation
compounds.[96] The cluster expansion is an expansion on site occupation variables, fit to en-
ergies from first principles calculations. The cluster expansion is then combined with Monte
Carlo simulations to include configurational entropy in the finite temperature free energy. In
this chapter, we calculate the voltage curve of the MgxCr2O4 system at room temperature
(293 K) as well as at 60°C (333 K) since full cell Mg batteries occasionally employ elevated
temperatures up to 60°C.[42, 44] Additionally, we evaluate the tendency of the MgxCr2O4

spinel to invert at intermediate Mg concentrations. We also calculate migration barriers at
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several Mg concentrations in MgxCr2O4 to evaluate the kinetics of the system throughout
the intercalation process. Our results indicate the formation of stable Mg-vacancy order-
ings at cathode compositions of Mg0.33Cr2O4 and Mg0.5Cr2O4, which can severely limit Mg
(de)intercalation owing to steep changes in the voltage and high Mg migration barriers at
these compositions. To eventually enable Cr2O4 to be used in practical Mg batteries, we
propose a few strategies, such as cation substitution, to suppress the formation of the stable
orderings at Mg0.33Cr2O4 and Mg0.5Cr2O4.

2.2 Methods

2.2.1 Phase stability from DFT calculations

To construct the 0 K phase diagram of the MgxCr2O4 system, we use density functional
theory (DFT) [85, 86] as implemented in the Vienna Ab initio Simulation Package (VASP)
[87, 135], using the Perdew-Burke-Ernzerhof (PBE) parametrization [91] of the generalized
gradient approximation (GGA) to describe the electron exchange and correlation. We add
a Hubbard U correction of 3.5 eV to the GGA Hamiltonian to remove the spurious self-
interaction of the chromium d -electrons.[136–138] The wave functions are constructed using
the projector augmented wave (PAW) theory [89], using a well-converged energy cut-off of
520 eV, and sampled on a Monkhorst [139] k-point mesh of density 1000/atom. Additionally,
we include the semicore 3p-electrons along with the valence 4s and 3d electrons to construct
the chromium pseudopotential. Each calculation is converged to within 0.01 meV/formula
unit.

2.2.2 Voltage profile via CE-MC simulations

To obtain the room-temperature voltage curve, we perform Grand-canonical Monte Carlo
(GMC) simulations on a cluster expansion (CE) Hamiltonian, where the CE is an expansion
of the total energy of the system in terms of the occupancies on a topology of sites, as
described in Section 1.3.2.[98, 140, 141]

The CE is fit to the total internal energies of 249 Mg-vacancy (Va) configurations, as ob-
tained via DFT calculations. The Mg-Va configurations are enumerated using the Pymatgen
library up to supercells of 64 oxygen at 25%, 50%, and 75% Mg, 24 oxygen at 33% and 66%
Mg, and 48 oxygen at 16% and 83%.[142, 143] For the 50% Mg concentration, we took only
the 50 configurations with the lowest electrostatic energy, as evaluated by the Ewald sum
of the supercell [144], due to the large number of enumerations for the 64-oxygen supercell
at 50% Mg. We use the split-Bregman algorithm [108, 145] to identify the set of relevant
ECIs and fit them to the total internal energies. Convergence of the CE is verified using
an in-house algorithm, as described by Huang, et al. [146], in combination with canoni-
cal Monte Carlo simulations. The root mean squared error (RMSE) and the leave-one-out
cross-validation (LOOCV) scores are used to quantify the fit quality and the predicative ca-
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pability, respectively, of the CE. Note that the set of Mg-Va configurations is built assuming
no inversion of the spinel, i.e., the Mg/Va occupies only the 8a tetrahedral sites.

We perform GMC calculations on 12x12x12 supercells of the primitive rhombohedral
spinel cell (corresponding to 3,456 Mg/Va sites), using the Clusters Approach to Statistical
Mechanics (CASM) package.[147, 148] The GMC simulations are equilibrated for 40,000 steps
and sampled for 100,000 steps. The voltage curve at each temperature is calculated from
the chemical potential µMg in the GMC simulations using equation 1.1.[95] Additionally,
we perform thermodynamic free-energy integration as described in Section 1.3.2 and by
Hinuma[113] and Van de Walle[149] to correct for hysteresis in the Monte Carlo scans.
Specifically, we perform the free energy integration between 0% Mg and 100% Mg and
between 25% Mg and 50% Mg (see Appendix A.3).

2.2.3 Migration barriers via nudged-elastic band method

We calculate the activation barriers to Mg migration in structures with 33% and 50% Mg
concentration as well as in the dilute Mg and dilute vacancy limits using DFT-based Nudged
Elastic Band (NEB) calculations [118, 119] described in Section 1.3.3, with forces converged
within 50 meV/Å. For the dilute Mg and dilute vacancy cases, we consider a single Mg
(vacancy) migrating to a nearby empty (occupied) Mg site. For the 33% Mg and 50% Mg
cases, we consider two cases, namely addition of a vacancy (+Va) and an interstitial Mg
atom (+Mg) to the stable ordered structure. For +Va, we create a vacancy in one of the
Mg-occupied 8a sites within the 33% and 50% Mg structures and consider the migration of
the vacancy to an equivalent Mg-occupied 8a site. For +Mg, we insert an additional Mg
in an 8a site that is unoccupied in the ground state ordering. In the case of the 33% Mg
structure with +Mg, we consider specifically the migration of the +Mg in an empty tunnel
so that +Mg moves to an adjacent unoccupied 8a site. For +Mg in the 50% Mg structure,
the +Mg moves to an adjacent Mg-occupied 8a site concurrently with the migration of the
Mg in the occupied 8a site to an interstitial 8a site (see Appendix A.6).

For the DFT-based NEB calculation, we use both the GGA functional and the GGA+U
(GGA with Hubbard U correction) functional. Convergence of GGA+U NEB calculations
can be problematic due to the possible metastability of electronic states along the migration
path in GGA+U, which is a functional that enforces electron localization. As an ion moves
along the migration path the specific transition metal ion where the electron localizes may
change. The transition of the electron from one state to another is typically not adiabatic in
GGA+U and due to the metastability of electron occupation in the method. In some cases,
the electron even fails to localize which leads to a very large positive energy contribution
from the +U term. These problems with metastable charge density in GGA+U can make
convergence of NEB with this functional problematic. Nominally, the barriers for electrons
to migrate across redox centers is lower compared to ionic migration [150, 151], indicating
that ionic migration is the kinetic rate-limiting step, especially in multivalent systems [38, 63,
152], giving some support for an adiabatic approach to the ion migration problem. Here we
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have successfully converged NEB calculations for the Mg-Cr2O4 system using the GGA+U
functional and consider both the GGA and GGA+U barriers in the discussion.

2.3 Results

2.3.1 Cluster expansion of MgxCr2O4

Figure 2.1a plots the DFT (green circles) and CE-predicted (yellow circles) formation energies
(Eformation) of all DFT-calculated 249 Mg-Va configurations at different xMg. The energies
in Figure 2.1a are calculated with equation 1.3, referenced to the energies of the empty-
Cr2O4 and magnesiated-MgCr2O4 configurations. As indicated by the convex ground state
hull from DFT calculations (solid black line in Figure 2.1a), there are several stable DFT
ground states (green circles with a black outline) at various Mg concentrations. The convex
hull is mainly shaped by the ground states at 33% Mg and 50% Mg (see configurations in
insert of Figure 2.2 and more detailed crystallographic information in Appendix A.2), with
both configurations exhibiting Eformation of –120 to –130 meV/f.u. There are also numerous
ground states that appear to lie near the linear interpolation between the 16% and 33%
Mg ground states and between the 50% and 83% Mg ground states (see Figure 2.2). The
MgxCr2O4 CE, described with 29 clusters, predicts a similar convex hull as compared to
the DFT calculations (solid red line in Figure 2.1a), resulting in a root mean squared error
(RMSE) of 8 meV/f.u. and a leave-one-out cross-validation (LOOCV) error of 13 meV/f.u.,
indicating both good quality and predictive capability of the CE fit. The CE-predicted
and DFT energies and ground state hulls match relatively well, with the CE convex hull
matching 6 out of the 10 ground states in the DFT convex hull. Further, of the DFT ground
states that are not CE ground states and the CE ground states that are not DFT ground
states, the CE predicts the Eformation of the configurations with an error < 3 meV except for
configurations with Mg concentration < 10%.

We further evaluate the performance of the cluster expansion by calculating the error
between the CE-predicted and DFT Eformation and plot it against the energy above hull in
Figure 2.1b. The energy above hull (Ehull) of a structure is given by the energy of decom-
position into stable ground states. Structures with Ehull = 0 are stable, while structures
with low Ehull are most important for the excitation spectrum at finite temperatures. From
Figure 2.1b, the energies of structures within 50 meV/f.u. of the convex hull are generally
predicted by the cluster expansion with an error of < 10 meV/f.u. Notably the CE predicts
Eformation of a majority of high Ehull (up to 100 meV/f.u.) structures with an error of less
than 20 meV/f.u. Additionally, the CE tends to underestimate Eformation of structures at low
Mg concentration (Figure 2.1a).

Figure 2.2 shows the energy below the tie-line (Etie-line) for each ground state configu-
ration, where the Etie-line of a ground state is given by the Eformation of the ground state
referenced to the stable states at adjacent Mg compositions. For example, the adjacent sta-
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Figure 2.1: DFT vs. CE convex hull comparison (a) DFT (green) and CE-predicted
(yellow) formation energies and convex hulls, with the DFT convex hull delineated by a
black line and the CE-predicted convex hull by a red line. The ground states are outlined
in black (DFT GS) or red (CE GS). (b) Plot of CE error and DFT energy above hull per
formula unit (f.u.). The blue dashed box encloses structures within 10 meV CE error and
50 meV off the convex hull, while the red dashed box encloses structures within 20 meV CE
error and 100 meV off the convex hull.

ble states for the 33% Mg ground state (with Eformation ∼ –128 meV/f.u.) are the 25% Mg
(Eformation ∼ –114 meV/f.u.) and the 50% Mg (Eformation ∼ –119 meV/f.u.) ground states.
Consequently, Etie-line of the 33% Mg is given by the difference between Eformation of the
33% Mg ground state and the weighted-sum of the Eformation of 25% Mg and 50% Mg ground
states, so -128 meV/(f.u.)-(-114 meV/(f.u.)*(50%-33%)/(50%-25%))-(-119 meV/(f.u.)*(33%-
25%)/(50%-25%)) = 12.3 meV/(f.u.). Thus, the Etie-line quantifies the “depth” of a ground
state since it indicates the driving force to form the ground state instead of the stable states
at adjacent Mg concentrations. For example, the 33% Mg and 50% Mg ground states with
Etie-line > 10 meV/f.u. would be considered “deep” ground states, while the 25% Mg and
66% Mg ground states with Etie-line < 5 meV/f.u. are considered “shallow” ground states.

Indeed, the data in Figure 2.2 indicate that the deepest ground states are at 33% Mg
(Etie-line ∼ 13 meV/f.u. with respect to the 25% Mg and 50% Mg ground states) and 50%
Mg (Etie-line ∼ 10 meV/f.u. with respect to the 33% Mg and 62.5% Mg ground states).
Additionally, there are numerous shallow (Etie-line < 5 meV) Mg-vacancy orderings such as
the 16% Mg and 25% Mg orderings as well as the orderings above 50% Mg in both the
DFT and CE convex hulls. Shallower ground states are more likely to disappear at elevated

22



Figure 2.2: Stability of ground states in DFT and CE Plot of Etie-line, which is given by
the energy difference between a ground state’s Eformation and the tie-line connecting neighbor
ground state configurations. The Etie-line of CE ground states are shown in yellow, and the
Etie-line of DFT ground states are shown in green. The configurations of the ground states
at 33% Mg and 50% Mg are also shown, with Cr octahedra and Mg tetrahedra indicated by
blue and orange polyhedra, respectively, in the ⟨110⟩ direction. The repeating unit of the
ground state configurations are outlined by the dashed white line.

temperature unless they have higher entropy than the structures that define their tie-line.
The Figure 2.2 inserts show the structures of the ground states at 33% Mg and 50% Mg,
along the ⟨110⟩ direction, with the repeating unit outlined with the white dashed line.

Using Figure 2.2 to further analyze the performance of the CE vs. DFT, it is shown
that the CE is generally able to predict the Etie-line of ground states within 2-3 meV/f.u.
of the DFT values. In all ground states common between the CE and DFT convex hulls,
the CE predicts Etie-line that are within 5 meV of the DFT Etie-line. Notably, the CE does
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not predict the DFT ground states at 6.25% Mg, 62.5% Mg, and 75% Mg, as indicated by
the lack of yellow bars at those concentrations in Figure 2.2, while the CE predicts spurious
ground states at 78% Mg and 89% Mg. Because the voltage curve depends primarily on the
shape of the convex hull, i.e., changes in slope of Eformation with respect to xMg, we choose
to trade error in prediction of the exact ground state orderings for lower absolute errors in
the ground state Eformation.

We additionally investigate the change in volume in the MgxCr2O4 system associated
with (de)intercalation in Appendix A.4.

2.3.2 Investigating the possibility of Mg-Cr inversion

In building the convex hull and CE, only the non-inverted normal-MgCr2O4 spinel is con-
sidered. However in oxide spinels such as MgxMn2O4, the structure can invert during Mg
(de)intercalation whereby the Mn moves to the 8a tetrahedral sites and can block the per-
colation of Mg through the structure.[50] Analogously in MgxCr2O4, inversion will involve
the movement of a Cr in a 16d site to an 8a site. We briefly investigate the possibility of
the MgxCr2O4 spinel inverting during intercalation, which is likely either by the migration
of the Cr4+ to the 8a tetrahedral site [49] or by disproportionation of Cr4+ to Cr3+ and Cr6+

and the subsequent migration of Cr6+ to the 8a tetrahedral site.[122, 124]

Since inversion tends to occur commonly at intermediate intercalant concentrations [50,
153] with disproportionation in Cr2O4 requiring the presence of Cr4+, a likely ground state
configuration that might be susceptible to inversion is Mg0.33Cr2O4. As a result, we investi-
gate the energies of potential inverted configurations [50, 154] and the kinetic barriers to Cr
migration to the 8a site at the 33% Mg ground state. For the 33% Mg ground state, we cal-
culate the energies of all symmetrically distinct configurations in a unit cell with 24 oxygen
ions whereby one Cr4+ exchanges with either a vacancy or a Mg2+ in a vertex-sharing 8a
site. We also calculate the migration barrier using the nudged-elastic band (NEB) method
for Cr diffusion to the lowest energy structure among the structures resulting from a Cr4+

exchange.

We additionally consider the possibility of Cr4+ disproportionation (3Cr4+ → 2Cr3+ +
Cr6+) as the resulting Cr6+ ions prefer tetrahedral coordination. To this end, we initialize the
Cr atom in the 8a site with a low magnetic moment (∼0 Bohr-Magneton) in our calculations,
which indicates a Cr6+ ion. In all calculations of the inverted structures, the magnetic mo-
ment on the inverted Cr in the tetrahedral site relaxed to ∼2.3 Bohr-Magnetons, suggesting
a 4+ charge indicating that disproportionation does not occur.

Figure 2.3a compares Eformation of the non-inverted 33% Mg ground state (black) with
the configurations resulting from all possible exchanges of a single Cr4+ with either an empty
(green) or a Mg-occupied (yellow) 8a site. Structures where Cr4+ moves into a Mg-occupied
8a site have Eformation ∼ 60 meV/f.u. higher than that of the non-inverted ground state,
while structures where Cr4+ moves into an empty 8a site have Eformation ∼ 20-40 meV/f.u.
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Figure 2.3: Energetic changes and migration barrier of Cr inversion (a) Comparison
of Eformation of the 33% Mg ground state (black) and structures with a single exchange of
a Cr4+ to an empty 8a site (green) or a Mg-occupied 8a site (yellow). The lowest Cr-
Va and Cr-Mg exchanged configurations are shown in black in their respective column while
higher-energy structures are shown in color. (b) Energy profile for Cr diffusion in the 33% Mg
configuration (Figure 2.2 insert) to the lowest-energy tetrahedral vacancy. The configuration
resulting from the Cr diffusion corresponds to the black dashed line in the Cr-Vacancy
exchange column in (a). The migration barrier is given by the maximum of the energy along
the path in (b).

higher than that of the ground state. Thus, inversion due to exchange between a Cr4+ and an
occupied Mg site is unlikely to occur in the 33% Mg ordering, but the inverted structure in
which Cr4+ moves to an empty Mg site may be slightly more thermodynamically accessible
at room temperature.

Figure 2.3b shows the NEB-calculated energy profile for Cr4+ diffusing from an octahedral
site to a low energy vacant 8a site. The energies in Figure 2.3b are referenced to the
initial ground state configuration (0% path distance), with the migration barrier of the given
trajectory indicated by the maximum in the corresponding energy profile. From Figure 2.3b,
the migration barrier for Cr diffusion is ∼2240 meV. In general, at room temperature, it is
unlikely that there are any hops with migration barriers over 2 eV, so Cr inversion is not
expected at the 33% Mg concentration based on kinetics. Thus, despite the small energy
difference (∼ 20 meV/f.u.) between the 33% Mg ground state and the same configuration
with an additional Cr4+ exchanged with an 8a vacancy, the high kinetic barrier to Cr inversion
makes Cr inversion unlikely.
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2.3.3 Simulated voltage curve of Mg in Cr2O4

Figure 2.4 plots the voltage for Mg intercalation as a function of xMg in the Cr2O4 lattice at
0K (dashed lines in Figure 2.4) and 293K (solid black line). For comparison, we plot the 0K
voltage curve as obtained directly through DFT calculations (green dashed line) and our CE
model (yellow dashed line) in Figure 2.4. Note that the voltage plateaus (such as between
33% and 50% Mg) in Figure 2.4 correspond to 2-phase regions while voltage steps (at 50%
Mg for example) correspond to specific ground state configurations. Also, the magnitude
of the voltage step at a specific Mg concentration corresponds loosely to the depth of the
ground state configuration (see Figure 2.2).

Figure 2.4: GMC-calculated voltage curves Calculated voltage curves for Mg
(de)intercalation in MgxCr2O4, including the theoretical DFT (0 K) voltage curve, the CE-
predicted 0 K voltage curve, and the room temperature (293 K) Monte Carlo-calculated
voltage curve, given by the dashed green, dashed yellow, and solid black lines, respectively.

The DFT voltage curve has a multitude of voltage steps, with the small steps (< 0.05
V) originating from the numerous shallow ground state orderings and the largest steps of
0.42 V, 0.20 V, 0.22 V, and 0.15 V originating from the 6.25% Mg, 8.3% Mg, 33% Mg, and
50% Mg ground state configurations, respectively. The large voltage steps at 33% Mg and
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50% Mg are in agreement with the deep 33% Mg and 50% Mg ground states and suggest
that the 33% and 50% Mg ground states may limit intercalation.[152] The 0 K voltage curve
calculated by the CE agrees broadly with the DFT curve except for absent voltage steps at
6.25% Mg, 62.5% Mg, and 75% Mg and spurious voltage steps at 78.9% Mg and 88.9% Mg,
consistent with the data from Figure 2.1 and Figure 2.2.

At 293 K, the voltage curve essentially follows the trends displayed by the 0 K CE
curve, with noticeable differences at low Mg (< 20%) and high Mg (> 85%) concentrations.
For example, between 10% Mg and 22% Mg, the voltage steps at 8.33% and 16.67% Mg
are smoothed into a continuous curve. The smoothing behavior comes from the increase in
configurational entropy as temperature increases, which disorders the weakly-ordered ground
states, leading to a solid-solution behavior. Additionally, an artificial ground state appears
at 75% Mg in the Monte Carlo at 293 K, indicated by the sharp voltage step at 75% Mg
concentration. Specifically, the Monte Carlo calculation discovers a new CE ground state
at 75% Mg that is not a part of the set of configurations used to fit the CE. Upon DFT
calculation, the new 75% Mg configuration is near the convex hull (Ehull ∼ 4 meV/f.u.) but
not a real DFT ground state and is actually over-stabilized by the CE by ∼10 meV/f.u.,
which is within the 13 meV/f.u. LOOCV error of the CE. Due to the small Etie-line of
the ground states between 50% Mg and 83% Mg, the overstabilization of the new 75% Mg
configuration causes that configuration to become a strong ground state in the CE. Thus, the
75% Mg voltage jump is an artifact of our cluster expansion. From Figure 2.4, we calculate
the average voltage for Mg intercalation to be 3.6 V in Cr2O4, consistent with previous
theoretical studies.[63] Also, the voltage curve at 333 K (60°C), as shown in Appendix A.5,
appears largely unchanged from the 293 K voltage curve. Notably, the 33% and 50% Mg
steps are retained even at an elevated temperature of 60°C. We subsequently investigate Mg
mobility within the Cr2O4 framework by calculating the migration barriers for Mg diffusion
within the deep 33% and 50% Mg ground states, which will be encountered during Mg
intercalation.

2.3.4 Mg migration in MgxCr2O4

To analyze the ease of Mg mobility in the Cr2O4 lattice at different levels of (de)intercalation,
we perform NEB calculations at several Mg concentrations, including 0% Mg (dilute Mg
limit), 33% Mg, 50% Mg, and 100% Mg (dilute Va limit). In each of the cases, we consider
the migration path typical of Mg in tetrahedral sites of the spinel (Figure 2.5a). In the path
depicted in Figure 2.5a, the Mg migrates from a tetrahedral site (A) through a triangular face
(B) shared by the tetrahedral with an empty octahedral site (C) to the empty octahedral
site and then through another triangular face (B’, not shown in Figure 2.5a) to the final
tetrahedral site (D). In the dilute Mg (Va) limit, we consider a single Mg (Va) diffusing
through the empty (magnesiated) Cr2O4 host, along the trajectory shown in Figure 2.5a-
b. To evaluate Mg migration in the 33% and 50% Mg configurations, we considered the
ground state configurations (Figure 2.2 insert and Appendix A.2) and introduce either an

27



Figure 2.5: Mg migration pathways in Cr2O4 (a) The typical migration path between
tetrahedral Mg is indicated by the white dashed line, and positions of note are marked by gray
circles. Mg moves from the tetrahedral site (A) through a triangular face (B) shared between
the tetrahedral site and an empty octahedral site (C) to the empty octahedral site. It then
migrates from the empty octahedral site through another triangular face (B’, not shown)
leading to the final tetrahedral site (D). (b) The migration barriers are calculated based on
the path from the initial (1) to the final (2) endpoints, indicated by green labeled triangles,
and represent half of the migration path. (c) The 33% Mg and (d) 50% Mg structures
are shown with example migration paths, with yellow arrows in each panel indicating the
direction of Mg movement. Migration paths involving an added vacancy are outlined in
yellow with the added vacancy labeled ’Va’, and migration paths involving an added Mg are
outlined in orange with the added Mg labeled ’Mg’.

additional vacancy (+Va) in the Mg-occupied 8a sites (Figure 2.5c-d, yellow-outlined path)
or an additional Mg (+Mg) in one of the unoccupied 8a sites (Figure 2.5c orange-outlined
path and Appendix A.6). In the case where +Va is added, we evaluate the barrier for a
Mg to migrate to the vacant 8a-site added to the ground state configuration. In the case
where +Mg is added, for the 33% Mg ground state, we evaluate the barrier for the +Mg to
migrate to an adjacent vacant 8a-site in the empty tunnel (see insert in Figure 2.2). Because
the paths are symmetric (i.e., (1) to (2) is equivalent to (2) to (Va) in Figure 2.5b-d), we
perform an NEB calculation on half of the full migration path (from (1) to (2)). For the
above calculations 7 images are used to represent the migrating Mg along the diffusion paths.
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For the 50% Mg with +Mg, the path is slightly more complex and is explained further in
Appendix A.6.

Figure 2.6 shows the NEB DFT-calculated migration barriers for all configurations (dilute
Mg, 33% Mg with +Va, 33% Mg with +Mg, 50% Mg with +Va, 50% Mg with +Mg, and
dilute Va) using the GGA functional (in green in Figure 2.6) and the GGA+U functional (in
yellow in Figure 2.6). Additionally, a direct comparison between NEB barriers and energy
profiles calculated using GGA and GGA+U for each configuration is shown in Appendix
A.7. From Figure 2.6, the GGA barriers of ∼730 meV and ∼600 meV at the dilute Mg and
dilute Va limits agree with the literature values of ∼600-700 meV.[63] The 33% Mg and 50%
Mg NEB barriers, which have not been previously reported, are ∼920 and ∼790 meV with
+Va and ∼670 meV and ∼970 meV with +Mg, respectively. Further, the energy profiles
(Appendix A.7) are in agreement with previous studies regarding the shape of the energy
profile, with maxima at the triangular faces (B and B’ in Figure 2.5a).[63]

Figure 2.6: Mg diffusion barriers in GGA and GGA+U The activation barriers for Mg
diffusion in the dilute Mg, 33% Mg with additional vacancy (+Va), 33% Mg with additional
Mg (+Mg), 50% Mg with additional vacancy (+Va), 50% Mg with additional Mg (+Mg),
and dilute vacancy configurations are displayed. NEB barriers calculated in GGA are given
by green bars while those calculated in GGA+U are colored in yellow.
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Based on the NEB energy profiles calculated using the GGA+U functional in Figure 2.6,
the dilute Va limit and 33% Mg with +Mg have the lowest barrier (∼690 meV and ∼700
meV, respectively) among the GGA+U migration barriers calculated (similar to the ∼600
meV and 670 meV migration barriers calculated in GGA). In the dilute Mg, 33% Mg with
+Va, and 50% Mg with +Va and with +Mg configurations, GGA+U predicts a significantly
higher Mg migration barrier than GGA. Specifically, GGA+U predicts barriers of ∼930 meV
for the dilute Mg configuration, ∼1250 meV for the 33% Mg configuration with +Va, ∼980
meV for the 50% Mg configuration with +Va, and ∼1200 meV for the 50% Mg configuration
with +Mg, which are respectively ∼200 meV, ∼320 meV, ∼200 meV, and ∼250 meV higher
than their GGA counterparts. Further comparing the GGA and GGA+U energy profiles in
Appendix A.7, it is notable that the end states of the 33% Mg with +Va and 50% Mg with
+Va paths in GGA are ∼300-350 meV higher than the initial states in GGA+U, reflecting
the fact that GGA+U and GGA tend to give quite different ordering profiles (further shown
in Appendix A.8). Because of the forced charge localization in GGA+U, screening is not as
effective as in GGA, and ordering is more pronounced, leading to stronger effective ordering
interactions. Similar effects have also been seen in NaxCoO2.[113] In general, GGA orderings
seem to be closer to experimental observations, except in systems where electron localization
is very pronounced.[155]

To contextualize the magnitude of migration barriers, previous work has shown that bar-
riers around 600-750 meV and below can yield reasonable diffusivity for a 100 nm cathode
particle under Mg-electrochemical conditions.[38] Based on the range of reasonable migra-
tion barriers (600-750 meV), the dilute Va and 33% Mg with +Mg migration barriers are
within the limits of reasonable diffusion in both GGA and GGA+U, indicating that initial
Mg deintercalation from a chemically-synthesized MgCr2O4 should be facile under electro-
chemical conditions. However, both GGA and GGA+U migration barriers at lower Mg
concentrations, specifically for 50% Mg with +Mg and with +Va and 33% Mg with +Va
are above the upper limit of 750 meV, signifying that Mg extraction will be difficult beyond
Mg0.5Cr2O4.

2.4 Discussion

2.4.1 Evaluation of MgxCr2O4 as a potential Mg cathode

The MgxCr2O4 system is an appealing system due to its high theoretical capacity (280mAh/g)
and high average voltage (3.6 V). The NEB calculations and room temperature voltage curve
suggest that initial deintercalation until the system is 50% deintercalated is largely uninhib-
ited based on the reasonable (∼690 meV in GGA+U ) migration barrier and the smooth
voltage profile at xMg > 0.5. Significant barriers to deintercalation appear at the 33% Mg
and 50% Mg concentrations in the form of > 900 meV diffusion barriers (in GGA+U ) and
large voltage jumps of 0.22 V and 0.14 V, respectively. Similar thermodynamic barriers in
the form of stable orderings have been shown to inhibit intercalation in analogous systems,
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such as Li in LixCoO2 [156], Mg in layered-V2O5 [134, 152], and Mg in a Chevrel phase cath-
ode Mo6S8 [157]. Thus, while Mg migration may be feasible upon initial charging from the
fully-magnesiated state, Mg becomes virtually immobile after ∼50% of the Mg is removed.
Further, the 33% and 50% Mg configurations remain stable at elevated temperatures, as the
voltage steps do not decrease at their respective concentrations at 333 K (Appendix A.5).
Thus, while operating at elevated temperatures is one way to improve cation mobility, the
operating temperature will need to be raised significantly higher than 60°C to destabilize
the 33% Mg and 50% Mg ground states, which may be beyond the stability limits of cur-
rent organic Mg-electrolytes. Additionally, there are difficulties associated with charging
MgxCr2O4 to low Mg concentrations (< 33%) as the voltage extends beyond the electrolyte
cathodic stability limit (∼3-3.5 V) typical in Mg-systems.[38, 40]

2.4.2 Instability of spinel Cr2O4

Another potential issue is the instability of demagnesiated states of the MgxCr2O4 system.
Based on the ternary Mg-Cr-O phase diagram calculated by the Materials Project,[142, 158]
the demagnesiated spinel-Cr2O4 has a relatively high Ehull at ∼187 meV/atom with respect
to rutile CrO2, which is a ground state of the Mg-Cr-O phase diagram.[158] Further, the
intermediate MgxCr2O4 phases lie on the rutile CrO2-spinel MgCr2O4 tie-line, indicating
that they have a driving force to decompose to those ground state phases. We calculated
the intermediate Mg0.33Cr2O4 and Mg0.5Cr2O4 ground state orderings to have Ehull of ∼100
meV/atom and ∼68 meV/atom with respect to the rutile CrO2 and spinel MgCr2O4 phases.
Thus, while the fully magnesiated MgCr2O4 is a stable ground state, the high Ehull of
Cr2O4 and intermediate MgxCr2O4 states indicate potential thermodynamically unstable
states that can lead to structural transformations into rutile CrO2 and spinel MgCr2O4

during deintercalation.[159] However, cathodes with metastable deintercalated states have
successfully been used as intercalation compounds, such as delithiated FePO4 with an Ehull ∼
26 meV/atom and demagnesiated spinel Mn2O4 with an Ehull ∼ 32 meV/atom.[142, 158]

To more accurately address the potential instability of demagnesiated Cr2O4, we calcu-
lated its energy as well as that of the ground state rutile CrO2 using the recently developed
non-empirical strongly constrained and appropriately normed (SCAN) functional, which has
been shown to improve ground state predictions over the GGA (PBE) and GGA+U func-
tionals.[93] Based on the SCAN calculations, spinel Cr2O4 is 260 meV/atom higher in energy
than the rutile CrO2 ground state. For context, we can compare the spinel vs. rutile energy
difference of CrO2 to that of MnO2, in which the rutile form is similarly the ground state
but the spinel can easily be retained at room temperature and no conversion to rutile is
ever observed.[160, 161] In the case of MnO2, the spinel Mn2O4 phase is ∼110 meV/atom
above the rutile ground state using the SCAN functional, which is significantly lower than
the 260 meV/atom spinel vs. rutile energy difference in CrO2.[106] While the driving force
to convert the empty spinel to rutile is much higher in CrO2 than in MnO2, based on the
metastability of the spinel Mn2O4 phase, it is difficult to make a definite prediction about

31



the stability or lack thereof of spinel Cr2O4.

2.4.3 Potential pathways to improve MgxCr2O4

A potential approach to improve the Mg migration in the MgxCr2O4 spinel system is destabi-
lizing (or lowering the depth of) the 33% Mg and/or 50% Mg configurations via substitution
of the anion, tetrahedral Mg, or octahedral transition metal sites. Of the possible substitu-
tions, cation-substitution or doping on the transition metal octahedral site, such as Mn or
Ni on the Cr octahedral site, appears the most promising due to the success and improved
electrochemical properties of transition metal doping in Li spinel oxides.[162, 163] Further,
the migration barriers at the dilute vacancy limits of the MgMn2O4 and MgNi2O4 spinels are
lower (∼400 meV with GGA) than that of MgCr2O4 (∼600 meV with GGA and ∼690 meV
with GGA+U ). Thus, doping with Mn or Ni on the Cr site may result in paths with lower
migration barriers. Other potential substitutions to consider are fluorine or sulfur, which
have been successfully doped on the oxygen site in the LiMn1.5Ni0.5O4 spinel [164–166] or
Zn on the tetrahedral Mg sites [167, 168]. We note however that cation doping on the Mg
sites runs the risk of blocking the Mg percolation pathways.
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Chapter 3

Lithium titanate spinel as a
fast-charging Li anode

Part of this chapter has been published in:
W. Zhang*, D.H. Seo*, T. Chen*, L. Wu, M. Topsakal, Y. Zhu, D. Lu, G. Ceder, & F. Wang
(2020). Kinetic pathways of ionic transport in fast-charging lithium titanate. Science 367
(6481), 1030-1034. *Equal contribution.
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In the previous chapter, we considered Mg intercalation in MgxCr2O4, which occurs as
Mg fills/empties the tetrahedral 8a sites in the spinel. Here, we consider Li intercalation in
Li4Ti5O12 (LTO), which occurs through the transition of Li in the 8a sites to the 16c sites.
Li4Ti5O12 is of particular interest as a potential Li anode as it undergoes minimal volume
change during this transition. It is also remarkable in its fast-charging capability despite
undergoing a two-phase reaction (from the 8a-filled Li4Ti5O12 to the 16c-filled Li7Ti5O12)
because two-phase reactions are typically associated with slow kinetics due to the barriers as-
sociated with nucleation and growth of a second phase. Contrary to this, LTO demonstrates
high Li mobility at intermediate concentrations despite apparently undergoing a two-phase
reaction. In this chapter, we investigate the origins of the Li-ion kinetics at high (dis)charge
rate towards uncovering new mechanisms for fast Li-ion conduction.

Some results presented in this chapter were obtained by a collaborative effort. Contribu-
tion from collaborators are made explicit in relevant results.

3.1 Introduction

In commercial LIBs, especially those for fast-charging applications in electric vehicles, elec-
trode materials capable of accommodating Li+ continuously via solid-solution transformation
are preferentially employed because they have few kinetic barriers apart from Li+ diffusion in
the solid state.[73, 169] An exception is lithium titanate (LTO), an appealing anode capable
of fast charging without the Li plating observed in graphite.[33] LTO accommodates Li+

through a two-phase process, during which the initial disordered spinel phase (Li4Ti5O12;
space group Fd3̄m) transforms directly into a rock salt phase (Li7Ti5O12; Fm3̄m) with neg-
ligible volume change (i.e., zero-strain).[170–172] Microscopically, Li+ insertion into the oc-
tahedral 16c sites is accompanied by Li+ migration from the tetrahedral 8a to the 16c sites.
However, because Li-ion mobility is poor in the two endmembers, a model in which these
two phases coexist macroscopically conflicts with the high Li-ion mobility observed at inter-
mediate concentrations.[173–175]

This puzzling behavior has recently been attributed to the existence of an intermediate
phase (Li4+xTi5O12; 0 ≤ x ≤ 3) with Li+ ions simultaneously occupying face-sharing 8a
and 16c sites, in the form of either a homogenous solid solution or a mixture of phase-
separated nanometer-sized domains.[174, 176] In situ x-ray absorption spectroscopy studies
provided evidence of the metastable Li4+xTi5O12 phase, which emerges upon Li+ insertion
even at low rates.[177] Computational studies also predicted that face-sharing 8a and 16c
local motifs are stabilized at the Li4Ti5O12/Li7Ti5O12 phase boundaries due to the presence
of defective Li+ ions occupying the 16d sites.[176] However, because of numerous possible
configurations of Li4+xTi5O12 and the non-equilibrium nature of the ionic transport,[176,
177] the kinetic pathways and underlying mechanisms enabling facile ionic transport in LTO
remain unresolved.

With available characterization techniques, it has been challenging to determine the
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atomic configuration of the metastable intermediates (Li4+xTi5O12) and the associated Li+

transport pathways.[170, 177, 178] Li K-edge electron energy-loss spectroscopy (Li-EELS),
more specifically the energy-loss near edge structure, shows promise for probing the site
occupancy of Li+ in lithiated electrodes due to its high sensitivity to the local environment
surrounding Li+.[179] In this chapter, we demonstrate an ionic liquid electrolyte (ILE)-based
electrochemical cell developed for operation inside a TEM, with a configuration resembling
that of a real battery, enabling operando Li-EELS probing of Li+ occupancy and transport
in LTO upon galvanostatic (dis)charging at varying rates. Through combined operando Li-
EELS and first-principles studies, we identified representative metastable Li4+xTi5O12 con-
figurations, consisting of distorted Li polyhedra at the reaction front that provide distinct
Li+ migration pathways with significantly lower activation energy than that in the end-
members. Our study provides direct evidence that the kinetic accessibility of intermediate
states, which are fundamentally different from the thermodynamic equilibrium, dominates
fast Li-ion transport in LTO.

3.2 Results and Discussion

3.2.1 Tracking of Li-ion migration by operando Li-EELS

Figure 3.1A1 shows the configuration of the electrochemical cell for operando Li-EELS mea-
surements, adapted from a TEM-grid based cell.[180] The cell uses ILE, a non-flammable
electrolyte that has been increasingly employed for batteries.[181] Because of its low va-
por pressure, ILE is compatible with the high-vacuum environment in the TEM column,
thereby removing the need for the thick membranes generally required in liquid cells. By
controlling the ILE thickness (to 10 nm or less) and collection angle (below 1.0 mrad), plu-
ral plasmon excitation can be largely suppressed (Figure B.18 in Appendix B.10), which is
crucial to recording high quality low-energy lying Li-EELS spectra.[182] The electrochemical
functionality of the cell was tested via galvanostatic cycling of LTO electrodes, with rates
spanning from 0.8 to 8 C (C-rate of 1C defined as one-hour (dis)charge). The electrochemi-
cal performance, with flat voltage plateaus at ∼1.55 V and sharp redox peaks in the cyclic
voltammetry curves (Figure 3.1B and B.19 in Appendix B.10), is comparable to that in reg-
ular LIB cells. Such an ILE-based electrochemical cell was employed in operando Li-EELS
experiments to track Li-ion migration in LTO nanoparticles with well-defined structure and
morphology (Figure B.20 in Appendix B.10). Li-EELS in the pre-edge region provides key
information about local site occupancy and migration of Li+ ions among different sites (e.g.,
8a in Li4Ti5O12, 16c in Li7Ti5O12, and other polyhedral sites associated with Li4+xTi5O12),
as illustrated in Figure 3.1C.

1In operando electrochemical cell design and construction, electrochemical tests, and Li K-edge electron
energy-loss spectroscopy performed by Prof. Wei Zhang (College of Chemistry, Nankai University).
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Figure 3.1: Design of an electrochemically functional cell for operando character-
ization of battery materials inside a TEM. (A) Schematic of the ILE-based electro-
chemical cell designed for operation inside a TEM, with a configuration similar to that of
lithium batteries with the active electrode (e.g., LTO nanoparticles marked by green color;
inset) loaded on a carbon film (gray) as a working electrode, matched with Li metal (yellow)
immersed in ILE (light green). (B) Voltage profiles of LTO nanoparticles in the ILE-based
electrochemical cell during galvanostatic discharge/charge at different rates (see also Fig-
ure B.19 in Appendix B.10 for comparison with cycling tests in regular coin-type cells).
(C) Representative Li-EELS spectra as a function of Li concentration obtained from LTO
nanoparticles during discharge under galvanostatic conditions, revealing the migration of Li+

from the initial tetrahedral 8a sites in Li4Ti5O12 to polyhedral sites in an intermediate to
the final octahedral 16c sites in Li7Ti5O12 (as illustrated in the inset).
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Figure 3.22 presents the time-resolved Li-EELS spectra obtained from a few selected
nanoparticles (Figure 3.2A and Figure B.21 in Appendix B.10) during the 1st cycle at a rate
equivalent to 2C. EELS spectra of the Ti L- and O K-edges were also obtained before and
after (dis)charge (Figure B.1 in Appendix B.3), confirming active Ti redox. As shown in
Figure 3.2C, the main peak position in the Li-EELS spectra remained constant (at ∼61.5
eV) during cycling. Nonetheless, subtle but clear changes occurred within the pre-edge
region, as shown in the intensity map of the spectra in Figure 3.2D. In the spectrum of
Li4Ti5O12, a broad peak in the pre-edge region (called pre-peak hereafter) appeared at ∼58.9
eV (labelled by “S”; see also Figure B.22 in Appendix B.10), which mainly comes from the
inelastic scattering of Li in 8a sites (Li(8a)).[179] The pre-peak from Li in 16c sites—Li(16c)—
in Li7Ti5O12 appears somewhat surprisingly at the same energy, despite the different local
Li+ environment in the two endmembers (Figure B.22 in Appendix B.10).

Upon discharging and subsequent charging, the pre-peak S remained at nearly the same
position. However, a new pre-peak emerged at ∼58.0 eV (labelled by “M”), which is absent
in the spectra of the two endmembers (Figure 3.2D) as well as the partially-lithiated LTO
electrodes in ex situ measurements (Appendix B.4). Pre-peak M was commonly observed
across the electrode, and its intensity was found to be strongly rate-dependent (Figure B.3).
The ratio of integrated intensity of the two pre-peaks M and S (defined as IM/IS) as a
function of Li concentration (x) was plotted in Figure 3.2E. At low rates (1C and 2C), IM/IS
values are small (only ∼ 0.2) but increase abruptly (to ∼ 2.0) at high rates (3C and 8C)
(see quantitative analysis in Appendix B.5). As shown later on, the evolution of features in
the Li-EELS spectra (e.g., IM/IS ratio) provides key information about Li+ occupancy and
migration in the metastable intermediates (Li4+xTi5O12) and its rate-dependent behaviors.

3.2.2 Atomic configurations of the intermediates (Li4+xTi5O12)

To understand the origin of the pre-edge features in the Li-EELS spectra and their evolu-
tion during charge/discharge, the local configurations of Li+ ions in the two endmembers
(Li4Ti5O12 and Li7Ti5O12) and the intermediates (Li4+xTi5O12, x = 1 and 2) were studied us-
ing density functional theory (DFT). We considered configurations of Li4+xTi5O12 at selected
Li concentrations (x = 0, 1, 2, and 3). To predict the stable and possible metastable Li con-
figurations in Li4+xTi5O12 (x = 0, 1, 2, and 3), we considered various Li/vacancy orderings
at the 8a and 16c sites and Li/Ti orderings at the 16d site of Li4+xTi5O12 (x = 0, 1, 2, and 3).
We calculated the DFT energies of Li4Ti5O12 with various Li/Ti orderings at 16d sites within
a supercell of [Li6]

tet(8a)[Ti10Li2]
oct(16d)O24. The Li/Ti ordering with the lowest formation en-

ergy is shown in the Li4Ti5O12 composition in Figure 3.3B. This Li/Ti ordering on the 16d
sites was fixed for the Li5Ti5O12, Li6Ti5O12, and Li7Ti5O12 configurations because Ti is im-
mobile during electrochemical cycling at room temperature [172]. We further calculated the

2In operando Li K-edge electron energy-loss spectroscopy performed by Prof. Wei Zhang (College of Chem-
istry, Nankai University).
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Figure 3.2: Real-time probing of Li-ion transport in LTO during discharge/charge
using operando Li-EELS (A) Bright-field TEM image showing the LTO nanoparticles
selected for obtaining Li-EELS spectra (marked by a black dash circle). Scale bar: 50 nm.
(B, C) Voltage profiles of LTO nanoparticles and the corresponding EELS spectra selected
with an interval of 120 s during the first cycle at 2C rate (marked by color-coded dots in B,
and letters in C). The vertical dashed black lines indicate the energy positions of the main
peaks at ∼61.5 eV and pre-peaks M (related to metastable configurations of the intermediate
compositions) and S (related to stable configurations in Li4Ti5O12 and Li7Ti5O12). (D)
Intensity map of the Li-EELS spectra at 2C rate (see also Figure B.3 for the EELS spectra
and intensity maps at 1C, 3C, and 8C rates in Appendix B.5). Two representative spectra
(e) and (j) are displayed to show the pre-edge features, M and S. (E) Intensity ratio of
the pre-peak M to that of S (IM/IS) as a function of Li concentration (x) at different rates
(1C, 2C, 3C, and 8C), where IM and IS are the integrated intensities of pre-peaks M and S,
respectively.
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DFT energies of 1,600 different Li/vacancy orderings at 8a and 16c sites in the intermediates
Li5Ti5O12 and Li6Ti5O12 within a supercell of [Lix]

tet(8a)[Liy]
oct(16c)[Ti10Li2]

oct(16d)O24.

To validate the most stable predicted configurations, the voltage was calculated from the
DFT energies [95] using equation 1.2. The calculated average voltage of Li4+xTi5O12 was
1.503 V, which is very close to the experimental value (∼1.55 V) (Figure B.19 in Appendix
B.10), indicating that our most stable configurations reasonably represent the structures of
Li4Ti5O12 and Li7Ti5O12.

Figure 3.3A shows the formation energies of the Li5Ti5O12 and Li6Ti5O12 configurations
using equation 1.3 referenced to Li4Ti5O12 and Li7Ti5O12, with configurations corresponding
to the circled points shown in Figure 3.3B-I. The lowest-energy Li4+xTi5O12 (x = 0, 1,
2) are shown in Figure 3.3B-D. Configurations with large domains of only Li(8a) or Li(16c)
are considered interfacial-like (orange triangles, e.g., Figure 3.3E,H), while those with large
areas of mixed Li site occupancy are considered fully mixed solid solution configurations (blue
circles, e.g., Figure 3.3F,I). Also considered solid-solution configurations are those with only
16c occupancy (Figure 3.3G), as they can be accessed by continuous removal of Li(16c) from
Li7Ti5O12 rather than the formation of Li4Ti5O12 in Li7Ti5O12. To visualize Li4Ti5O12 and
Li7Ti5O12 phases in the configurations, domains are colored transparent purple (green) if
only 8a (16c) are occupied to indicate the presence of the Li4Ti5O12 (Li7Ti5O12) phase. We
highlight only the Li7Ti5O12 (Li4Ti5O12) phase in Li5Ti5O12 (Li6Ti5O12) configurations.

The investigation of Li5Ti5O12 configurations below 100 meV/O4 revealed that the most
stable Li5Ti5O12 configuration has a formation energy of -23 meV/O4 and consists solely of
separate domains of Li4Ti5O12 and Li7Ti5O12, even within the small supercell containing only
2 formula units of Li4+xTi5O12 (Figure 3.3C). The small but negative formation energy is
consistent with previous computational results [176]. At ∼40 meV/O4 above the Li4Ti5O12-
Li7Ti5O12 tie-line, configurations in both the Li5Ti5O12 and Li6Ti5O12 compositions (Figure
3.3E and H) still display domains of Li4Ti5O12 and Li7Ti5O12. However, the smaller domain
based on composition (Li7Ti5O12 in Li5Ti5O12 and Li4Ti5O12 in Li6Ti5O12) has expanded into
the larger domain (Li4Ti5O12 in Li5Ti5O12 and Li7Ti5O12 in Li6Ti5O12), creating a region
of intermixed Li4Ti5O12 and Li7Ti5O12, which we refer to as an interfacial solid solution
(ISS). In the Li5Ti5O12 composition, at ∼60 meV/O4, we see a configuration in which the
Li7Ti5O12 domain disappears as the Li(16c) are distributed throughout the configuration, and
we refer to this as a fully mixed solid solution (Figure 3.3F). In comparison, in the Li6Ti5O12

composition, a delithiated rock salt-like solid solution phase with no Li(8a) (only 16c site
occupied) appears at much lower energies (∼20 meV/O4) (Figure 3.3G). Of note is that in
general, the number of face-sharing Li polyhedra in configurations with ISS regions is larger
than that in the phase-separated configurations with sharp phase boundaries.

Surprisingly, even in the low-energy structures of Li4+xTi5O12, one of the Li(8a) tetrahedra
shares a three-coordinated oxygen face with a Li(16c) octahedron at the domain boundary be-
tween Li4Ti5O12 and Li7Ti5O12 (Figure 3.3C–D). The face-sharing Li(8a) and Li(16c) polyhedra
are highly distorted compared to the unperturbed Li(8a) and Li(16c) polyhedra in Li4Ti5O12
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Figure 3.3: LTO convex hull and configurations (A) Convex hull of Li4Ti5O12-Li7Ti5O12

system with labeled circles shown in (B)-(I). In (B)-(I), configurations have sites depicted
by polyhedra surrounded by red oxygen and regions with either Li(8a), indicative of the
Li4Ti5O12 phase, or Li(16c), indicative of the Li7Ti5O12 phase, depicted in transparent purple
and green, respectively.
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and Li7Ti5O12 and are stabilized by neighboring Li(16d) octahedra (as described in Appendix
B.7), which is consistent with recent DFT calculations [176]. Within 100 meV/O4, a large
number of relevant atomic configurations exist with different local environments, especially
local motifs of Li(8a)/Li(16c) face-sharing polyhedra with various levels of distortion (Figure
B.11 in Appendix B.7). The DFT-based sampling of the Li4+xTi5O12 potential landscape
in Figure 3.3 reveals that a very large configuration space can be accessed, even within for-
mation energies of 100 meV/O4, allowing the system to follow the most kinetically facile
pathway (discussed further in Section 3.2.5).

3.2.3 Key local structure motifs from Li-EELS fingerprint

After establishing the structural models of Li4+xTi5O12 at different Li concentrations (x =
0, 1, 2, and 3), we calculated the corresponding Li-EELS spectra for Li at the 8a, 16c,
and 16d sites for the most stable configurations of Li4+xTi5O12 using the Z+1 approach
to model the core-hole effect. Because the pre-edge peaks originate predominantly from
the intra-atomic Li 1s to 2p transition, this level of description is adequate. The good
agreement in the near-edge region of the endmembers between the Z+1 method and the
Bethe-Salpeter equation (BSE)-based method supports our choice of method (Figure B.4 in
Appendix B.6). The energy positions of pre-peak S in the computed spectra and their relative
intensities compared with those of the main peak for both Li4Ti5O12 and Li7Ti5O12 are in
good agreement with the experimental results (Figure B.5A), validating the Z+1 method
used for computing the Li-EELS spectra. The Li-EELS spectra of Li(8a) in the most stable
Li5Ti5O12 and Li6Ti5O12 configurations are almost the same as those of Li(8a) in Li4Ti5O12,
especially near the pre-peak region (Figure 3.4A3).

However, a new pre-peak appears at ∼58 eV in the EELS spectra of face-sharing Li(16c)
that is absent in the computed spectra of Li(16c) in Li7Ti5O12 and Li(16d) at any composition
(Figure 3.4B, Figure B.5B-C, Figure B.8). Since this new pre-peak coincides in energy with
pre-peak M observed in the operando EELS measurements (Figure 3.2B), we assign pre-peak
M in the Li-EELS spectra at low rates to the inelastic scattering from distorted face-sharing
Li(16c) in the metastable configurations. Due to the distortion of face-sharing Li(16c), several
Li-O bonds are elongated, which breaks the degeneracy of Li-O coupling. A representative
configuration is shown in Figure 3.4C demonstrating elongated Li-O bond lengths of 2.33-2.50
Å in Li5Ti5O12, significantly longer than those in Li7Ti5O12 (2.06-2.20 Å). The weakened Li-
O bonds effectively pull the anti-bonding Li-O states to lower energy and cause the pre-peak
to split, giving rise to pre-peak M in the EELS spectra. The corresponding partial charge
densities are shown in the iso-surface plot in Figure 3.4C. While the partial charge density
associated with pre-peak M concentrates more heavily on O atoms with longer Li-O bonds,

3Simulated electron energy-loss spectroscopy, charge density calculations, and distortion analysis performed
by Prof. Donghwa Seo (School of Energy and Chemical Engineering, Ulsan National Institute of Science
and Technology).

41



Figure 3.4: Identification of Li-EELS fingerprints for Li-polyhedral configurations
in Li4+xTi5O12 (0 ≤ x ≤ 3) by DFT calculations (A, B) Calculated Li-EELS spectra
of Li4+xTi5O12 (x = 0, 1, and 2) for Li at 8a sites, and Li4+xTi5O12 (x = 1, 2 and 3) for
Li at 16c sites respectively. The black and blue dashed lines in (A and B) mark the energy
positions of the main peaks and pre-peak S, respectively. The red arrows in (B) indicate the
pre-peak M from face-sharing Li(16c) in Li5Ti5O12 and Li6Ti5O12 which is not observed for
Li(16c) in Li7Ti5O12. (C) Iso-surface of partial charge density around face-sharing Li(16c) in
Li5Ti5O12 within the energy range of pre-peak M and pre-peak S, as marked with dashed
red and blue boxes respectively in (B), with iso-value of 0.05. Bond lengths between Li(16c)
and O ions are labeled. (D) Intensity of the pre-peak M as a function of distortion index
(d) of face-sharing Li(16c) for various Li configurations in Li5Ti5O12 and Li6Ti5O12. (E) d of
face-sharing Li(16c) in the nth stable configuration of Li5Ti5O12. The horizontal and vertical
dashed lines indicate the approximate value of d above which pre-peak M appears and the
formation energy of the nth stable configuration at 50, 100, and 150 meV/O4. When a
single configuration contains multiple face-sharing Li(16c), the different face-sharing Li(16c)
are labeled as different colored points according to their d values in the ascending order:
grey (first lowest distortion index), black (second), red (third), and blue (fourth).
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the partial charge density of pre-peak S is distributed evenly on all O atoms regardless of
Li-O bond lengths (see also the projected density of states in Figure B.7 in Appendix B.8).

To understand the effect of high (dis)charge rate on pre-peak M in the Li-EELS spectra
(Figure 3.2E), the Li-EELS spectra of Li5Ti5O12 and Li6Ti5O12 configurations with higher
formation energies (which are accessible at higher current rates or large overpotential) were
also computed. Figure B.11 shows that the distortion of face-sharing Li(16c) and Li(8a) polyhe-
dra is affected by the presence of neighboring Li(16d) or Ti(16d). The varying local environment
results in different intensities and energy levels of pre-peak M (Appendix B.8). Face-sharing
Li(16c) and Li(8a) polyhedra in various Li4+xTi5O12 with distortion index (d; see Eq. B.1 in
Appendix B.8) larger than ∼0.06 result in the appearance of pre-peak M, whose intensity
rapidly increases with d (Figure 3.4D, Figure B.12, and Appendix B.8). Such high dis-
tortion levels reduce the effective coordination number of Li(16c) and Li(8a). Based on the
coordination number weighting scheme of [183], Li(16c) and Li(8a) with d ∼ 0.06 are found
to be under-coordinated with effective coordination numbers of 4.7 and 3.6 (Figure B.13 in
Appendix B.8), respectively, rather than the expected 6 and 4. Similar trends showing a
more pronounced pre-peak with under-coordinated local environments are well established
in transition-metal K-edge x-ray absorption near-edge structures.[184] As observed in Fig-
ure 3.4E and Figure B.14 in Appendix B.8, highly distorted face-sharing Li(16c) and Li(8a)
polyhedra with d higher than 0.06 appear more frequently as the formation energy of the
intermediate Li5Ti5O12 and Li6Ti5O12 increases. This is consistent with the presence of more
face-sharing Li(16c) and Li(8a) polyhedra in Li5Ti5O12 configurations with higher formation
energies, as indicated by the points with different colors in Figure 3.4E. Note that highly
distorted face-sharing Li(8a) tetrahedra are observed much less often than highly distorted
Li(16c) octahedra in configurations with formation energy less than 100 meV/O4 (Figure 3.4E,
Figure B.14). Non-face-sharing Li polyhedra, on the other hand, generally tend not to be
highly distorted (d > 0.06) except for some Li(16c) in Li5Ti5O12 in configurations with forma-
tion energy above 100 meV/O4 (Figure B.15 in Appendix B.8). Therefore, the appearance
of pre-peak M is mainly attributed to face-sharing Li(16c) octahedra at low current rates but
to both face-sharing Li(16c) and Li(8a) polyhedra at high current rates.

3.2.4 Kinetic pathways and energetics of Li-ion migration

A structural transformation through a solid-solution path is favorable for high-rate perfor-
mance.[73, 169] However, the macroscopic solid-solution is found to be largely inaccessible in
LTO due to the associated high formation energy (Figure 3.3). Instead, (de)lithiation pro-
ceeds via a two-phase reaction, involving face-sharing Li(8a)-Li(16c) local motifs at the nano-
sized Li4Ti5O12/Li7Ti5O12 phase boundaries[176, 177]. Our results are generally consistent
with the two-phase model[176, 177], as we observed mainly interfacial-type configurations
at lower energy (see Appendices 3.2.2 and 3.2.5). However, our results further reveal a large
variety of face-sharing Li(8a)-Li(16c) local motifs in the intermediate Li4+xTi5O12 configura-
tions. These local motifs, whose number and distortion index display rate dependence, may
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Figure 3.5: Li-ion migration pathways and energy profiles in the intermediates (A)
Migration pathways involved for each step, from a to g, in one representative intermediate,
Li5+xTi5O12. The translucent green spots mark the initial Li sites during each sub-step of
migration. The black arrows indicate the migration direction of each sub-step. The three-
coordinated oxygen face through which the Li+ migrates from a Li8a tetrahedron to a Li16c
octahedron is colored purple. The Li-ion migration pathways in Li4+xTi5O12 and Li7−xTi5O12

are provided in Figure B.16 and B.17 in Appendix B.9. (B) Energy profile of the pathways
in Li4+xTi5O12 (green), Li5+xTi5O12 (red), and Li7−xTi5O12 (blue) as a function of distance
along the paths.

strongly affect the kinetics in intermediate compositions.

To obtain a mechanistic understanding of fast Li diffusion in LTO, we performed nudged-
elastic band [118, 119] calculations that account for distorted face-sharing Li polyhedra
(Figure 3.5 and Figures B.16 and B.17 in Appendix B.9). The activation energies of Li+

migration in Li4Ti5O12 and Li5Ti5O12 (with an interstitial Li+) and Li7Ti5O12 (with a
vacancy) are ∼343, ∼216, and ∼455 meV, respectively (Figure 3.5B). The low activation
energy of Li5Ti5O12 is in line with the low migration barriers previously obtained from
NMR measurements[174] and ab initio molecular dynamics[176]. In general, the Li diffusion
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pathway involves Li hopping from face-sharing tetrahedral (octahedral) Li sites to octahedral
(tetrahedral) Li sites (Figure 3.5A, Figure B.16B–H in Appendix B.9). Along this path, while
face-sharing Li+ ions change position, the number of face-sharing Li+ (3-4) remains nearly
constant in the Li4Ti5O12 (always 2) and Li5Ti5O12 (from 3 to 4 to 3) pathways. As a result,
there is no abrupt increase of the energy of the system. In the higher energy pathway in
Li7Ti5O12, however, the number of face-sharing Li+-ions changes drastically from 0 to 2 and
back to 0 (Figure B.17B-D in Appendix B.9). Clearly, the low migration barrier for Li+ in
LTO system can be attributed to two important factors.

• The number of face-sharing Li polyhedra is smaller in the transition state (when the
migrating Li+ is in the triangular face in Figure 3.5A) than in the initial and final
states within each step (e.g., there are three instances of face-sharing in states a and
b but only two between a and b in Figure 3.5A). The reduction in Li+–Li+ repulsion
in the transition state can lower the activation barrier.

• Because local distortion helps to reduce the effective coordination number of Li+ (Fig-
ure B.13), the change in Li+ coordination is minimized during Li+ migration through
the three-coordinated oxygen face, further lowering the activation barrier [46].

Both factors minimize changes in the energy and thus result in a relatively flat energy land-
scape, as described in Figure 3.5B. Our analysis implies that the improved kinetics at high
rates results from the increased amount of face-sharing Li+, and thus mobile carriers, and
the more highly distorted Li+ polyhedra seen in the high energy Li4+xTi5O12 configurations
accessible at high rates.

3.2.5 Phase transformation in Li4+xTi5O12

Although the fully solid-solution phase does exist within a formation energy of 100 meV/O4,
the majority of the configurations are phase-separated with a sharp phase boundary or
contain interfacial solid-solution-like (ISS) regions, especially at low formation energies (Fig-
ure 3.3A). For example, solid solution configurations do not appear until ∼60 meV/O4 in
Li5Ti5O12 and until ∼20 meV/O4 in Li6Ti5O12. This is in stark contrast to the well-known
LFP system, in which metastable solid-solution structures are only ∼0-10 meV/LixTi1.67O4

above the two-phase tie-line and can appear at small overpotentials of 20 mV [73]. This
difference is likely in part due to the vastly different interfacial energies and kinetic barriers
for nucleation and growth. LFP possesses a larger interfacial energy (0.06 eV/A2) [185] than
that of LTO (0.02 eV/A2) [186]. Considering only the difference in the interfacial energy, the
critical nucleation barrier of LFP is 27 time larger than that of LTO, based on the equation
∆G = 16π ·γ3 ·v2/3(|Φ|−∆gs) [73], where ∆G is the critical nucleation barrier, γ is the inter-
facial energy, v is the molar volume, Φ is the applied overpotential, and ∆gs is the coherent
strain energy. In addition, LFP has a high coherent strain energy at the boundaries (0.033
eV/Li) [73], but LTO has much lower energy penalties than LFP to form phase boundaries
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Figure 3.6: Schematic illustration of the rate dependence of the phase boundaries (red
color) during the transformation from Li4Ti5O12 to Li7Ti5O12, changing from a sharp phase
boundary at low rates (left) to a thick interfacial solid solution (ISS).

because of the “zero strain” property [186]. All these features make the two-phase reac-
tion thermodynamically accessible in LTO. It is likely that, in line with observations in the
literature [177], the numerous two-phase configurations and configurations containing ISS
regions between nano-sized domains of LTO and Li7Ti5O12 appear during charge/discharge
rather than the fully solid-solution configuration seen in LFP under non-equilibrium condi-
tion. Therefore, the number of face-sharing Li polyhedra in a sample will be determined by
the interfacial area between the nano-sized Li4Ti5O12 and Li7Ti5O12 domains in the particle.

Based on the DFT calculations that show a large number of interfacial configurations
with increasing interfacial thickness (Figure 3.3) and polyhedral distortion at increasing
formation energies (Figure 3.4E and Figure B.14 in Appendix B.8), we speculate an ISS
that emerges and can grow in thickness at high rates (Figure 3.6) rather than a strict two-
phase system with sharp phase boundaries or a true solid solution system. This model is in
line with the domain model of Ganapathy, et al. [176], who propose that the Li4+xTi5O12

system consists of nano-sized Li4Ti5O12 (with Li(8a)) and Li7Ti5O12 (with Li(16c)) domains
that are separated by sharp phase boundaries at low rates. However, compared to a sharp
phase boundary, the existence of the ISS, which contains a larger number of face-sharing
motifs and more highly distorted polyhedra (associated with higher IM intensity), is more
consistent with the observation of large intensity ratios of IM/IS in Li-EELS spectra at high
rates. To emphasize this point, we show a comparison in Figure B.6 in Appendix B.6 of
the computational EELS spectra of Li(16c) from the most stable Li5Ti5O12 (representative of
sharp phase boundaries between Li(8a) and Li(16c) domains) and a Li5Ti5O12 configuration
at higher energy (by 0.102 eV/O4) with more strongly distorted Li(8a). The IM/IS ratios of
Li(16c) are 0.30 (most stable Li5Ti5O12) and 1.48 (metastable Li5Ti5O12), while the IM/IS
ratios of the corresponding Li(8a) are 0 and 1.15, respectively. These results suggest that
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highly distorted Li polyhedra seen in the ISS are responsible for the higher IM/IS ratio
observed in the EELS measurements. Thus, we build on the well-supported domain model
proposed by Ganapathy, et al. [176] by suggesting the rate-dependent ISS, which reconciles
our experimental observations with the domain model.

In this study, face-sharing Li polyhedral motifs with different local distortion were iden-
tified as a key feature at high rate by directly probing the Li site occupancy with operando
Li-EELS and identifying the relevant motifs with simulated Li-EELS. These features, which
may not be as readily observable by NMR spectroscopy, neutron diffraction, or other tech-
niques[174, 187], were shown to have low activation energy of Li migration. The low migra-
tion barrier of the face-sharing motifs appearing in intermediate Li4+xTi5O12 configurations
along with the low interfacial energy of the endmembers reconciles the apparent contradiction
between the high-rate capability of LTO and the poor Li-ion conductivity of its endmember
phases.
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Chapter 4

Adding disorder to lithium
manganese oxide spinels toward
improved Li cathodes
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In the previous chapters, we investigated how intercalation can occur in the 8a sites of
spinel from B2O4 to AB2O4 through the case of Mg in MgxCr2O4 and through the 8a-to-16c
transition from AB2O4 to A2B2O4 through the case of Li in Li4Ti5O12. In this chapter, we
return to the spinel LiMn2O4 system first discovered in 1983, which is particularly appealing
as a cheaper high energy density Li-ion cathode. Compared to the previous spinel systems
investigated, spinel LiMn2O4 can in theory be intercalated from the empty spinel framework
Mn2O4 to the fully lithiated Li2Mn2O4. In practice however, the system undergoes collective
Jahn-Teller distortion of the Mn3+ [9], resulting in particle cracking and severely limited
cyclability.[75] It also results in a symmetry change from cubic to tetragonal (along the
direction of Jahn-Teller distortion [6]) that is generally associated with a first-order transition
[188], limiting the kinetics of lithiation compared to that through a solid-solution mechanism.
One way to mitigate these issues is avoiding or reducing the two-phase region between
LiMn2O4 and Li2Mn2O4 by lithiating at least partially through a solid-solution pathway. In
this chapter, we demonstrate that it is possible to reduce and even completely remove this
two-phase region by imposing disorder between the transition metal-occupied 16d sites (B
in AB2O4) and the unoccupied octahedral 16c sites, which the working ion fills in the fully
lithiated spinel (A in A2B2O4).

4.1 Introduction

Given the expected multi-fold increase in demand for Li-ion batteries [5], it is vital to design
alternative cathodes that are less expensive and more earth-abundant than the Co and
Ni needed for current layered Li-ion cathodes. The only 3d transition metals (TM) that
generate a reasonable voltage and are produced in large enough quantities to support a multi-
TWh annual production of Li-ion batteries are Cr, Mn, and Fe. The recently developed
class of Li-excess cation-disordered rock salt materials (DRX) can activate any of these
metals as redox centers and has generated several high-energy density cathodes.[11, 12, 189]
Reasonable transport is achieved in these materials through the addition of Li-excess (i.e.,
greater than one Li per two anions), which creates percolating 0-TM channels with low Li
migration barriers.[14–18] But the lack of any long-range cation order in these materials
creates a highly sloping voltage profile, and a wide voltage window is required to achieve
their maximal energy density. Hence, it would be advantageous to combine the benefits
of cation-disordered materials (compositional flexibility [13, 18], low volume change [190,
191], no phase transitions, high capacity, capability to fluorinate [103, 192]) with the less-
sloped voltage profile of ordered materials, by creating materials with states of order that are
intermediate between well-ordered cathodes and fully cation-disordered DRX compounds.

Spinel LiMn2O4 is a promising compound to implement this strategy due to its good
inherent properties: excellent rate capability, use of earth-abundant Mn, and the excellent
thermal stability of Mn4+ in the charged state.[6, 74, 193, 194] While its theoretical capac-
ity is 285 mAh g−1, in commercial use its Li cycling has been restricted to the 4 V range
from Mn2O4 to LiMn2O4 which provides only about half the theoretical capacity. The re-
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maining capacity cannot be accessed because cycling the additional Li between LiMn2O4

and Li2Mn2O4 occurs at 3 V through a strong two-phase reaction.[6] Such first order tran-
sitions proceed with a strong compositional inhomogeneity in cathode particles leading to
large stresses and concomitant capacity degradation.[75] Guided by the general concept that
disorder can disrupt the Li/vacancy orderings, and thus reduce the strength, of two-phase
reactions, recent experiments on heavily ball-milled cation-excess Li-Mn-O-F spinels confirm
that disorder indeed removes the 3 V plateau and leads to a high rate, high energy density
cathode material.[195, 196] In this chapter, we model the complex structural arrangements
that occur when a spinel is forced to undergo 16c/16d site disorder (where the 16d TM are
disordered onto the 16c sites) and investigate its electrochemical voltage profile and lithia-
tion behavior. We demonstrate that even with modest amounts of disorder the solid solution
region of spinel can be extended, leading to a much smaller two-phase region. At larger lev-
els of disorder, the two-phase region can be fully transformed into a solid-solution regime,
consistent with experiments, pointing at cathode materials that can combine very high rate
with very high capacity.

4.2 Methods

4.2.1 Building a cluster expansion to the relevant system

The ordered LiMn2O4 spinel system has face-centered cubic oxygen packing, in which Li can
occupy the tetrahedral (tet) 8a or octahedral (oct) 16c sites, and Mn occupies the oct 16d
sites.[6, 9] When Mn is allowed to disorder over the oct 16c and 16d sites, other tet sites (8b
and 48f) that are inaccessible in the ordered spinel due to their face-sharing with Mn-occupied
16d sites become open to Li occupation. To investigate the large configurational space of the
system, we build a CE with Li+-Mn2+-Mn3+-Mn4+-Ti4+-Vacancy (Va) as allowed species on
the oct sites (16c and 16d Wyckoff sites in the spinel, 4a in rock salt) and Li+-Mn2+-Mn3+-Va
on the tet sites (8a, 8b, and 48f Wyckoff sites in the spinel, 8c in rock salt) of a primitive
cell of rock salt and its interstitial tetrahedral sites. Mn4+ is not allowed on the tet site as
its d3 configuration results in strong octahedral preference.[4] There is no anion disorder, as
all anions are O2−. We also investigate the effects of Ti substitution, as it is a non-redox
active TM used in DRX systems to help stabilize the structure.[197]

The cluster expansion (CE) implemented here models the configurational energetics of a
system as described in Section 1.3.2 and is used for rapid energy evaluations in Monte Carlo
(MC) calculations at finite-temperature.[98–101] An additional term is included to capture
long-range electrostatic interactions.[103, 104]

We fit the cluster expansion to the total energies of structures relaxed in first-principles
density functional theory (DFT) [85, 86]. Due to its ability to better predict ground
states,[94, 198] we perform these DFT calculations using the meta-GGA functional SCAN
[92] as implemented in the Vienna ab initio simulation package (VASP) [87] with the project-
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augmented wave (PAW) and plane-wave basis set.[88, 89] For structural calculations, we use
a plane-wave cutoff of 520 eV and reciprocal space discretization of 25 k-points per Å, and
converge to 10−6 eV in total energy and 0.02 eV/Å on atomic forces. To help convert relaxed
structures to their relevant occupancy string, we use methods described in Yang, et al. [110]
to obtain optimal Mn2+/Mn3+/Mn4+ magnetization cut-offs for charge assignment of Mn
(Li, Ti, and O are assumed to be in 1+, 4+, and 2− charge states) and map highly relaxed
atomic positions to the relevant lattice sites.

The initial training set for the CE consists of charge-balanced structures from MC-CE
searches for ionic configurations with low electrostatic (Ewald) energy. The search is per-
formed in all supercells (varying in shape and size) up to 4 oxygen and simple supercells
(varying only in size) up to 24 oxygen. The initial training set is supplemented by Li-Mn-Ti-
O-containing structures scraped from an internal database. With a CE trained on the initial
data set, we perform the typical iterative approach of fitting, adding further MC-sampled
structures, and re-fitting to converge to the final CE.[199] The final converged CE is fit as
proposed in [110]: we fit the zeroth basis function (J0) to the average energy of the training
set; to explicitly handle the dimension reduction associated with the charge-neutrality con-
straint of ionic systems, the point basis functions are fit with lasso regression to the residuals
of the zeroth term regression; and, we fit higher order terms to the residuals of predictions
using the zeroth and point term fits with l1-norm regularized regression and selecting the
regularization parameter that minimizes the 5-fold cross-validation (CV) error.[108]

To handle the complexity of the system and make the problem better numerically condi-
tioned, we include several additional procedures. We weigh structures by their energy above
the hull (i.e., exp(−Ehull/kBT ) with T = 2000K) and by whether the structures contain
Li in both octahedral and tetrahedral sites. The weighing improves the fit for low-energy
structures and structures with both oct and tet Li, which we expect to see in the disor-
dered spinel space. Additionally, CE are truncated to make the problem tractable. In our
truncation, we exclude quadruplet clusters, as the inclusion of so many higher-order terms
often worsened the fit. Instead, we include only pair clusters truncated to 7.0Å and triplet
clusters to 4.1Å based on a rock salt lattice with a cubic lattice parameter a = 3.0Å. Finally,
to ensure that the fitting problem is better conditioned [200], we only use the clusters in the
feature matrix whose submatrix is full rank. These are the geometric clusters for which the
number of unique, symmetrized decorations on the cluster in the training set is equal to the
number of the random set of configurations of that cluster on the lattice.[110]

4.2.2 Performing Monte Carlo simulations

We perform sgc MC simulations in a 4 × 3 × 3 supercell of the spinel Li2Mn4O8 primitive
(a 288-oxygen supercell) at a simulation temperature of 300K. The Li chemical potential is
scanned by sweeping from µLi = -8.5 to µLi = -3.7 in intervals of 50 meV to sample Li-Va
orderings over the cation sites within the Mn-disordered framework. Perturbations for the
Metropolis algorithm are “multi-flips”, consisting of a pair of flips between Li+ and Va and
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between Mn oxidation states, chosen with the following algorithm to ensure charge balance.

1. Choose either a (Li+ +Mn2+ ↔ Va + Mn3+)-type perturbation or a (Li+ +Mn3+ ↔
Va +Mn4+)-type perturbation. An (A1 + B1 ↔ A2 + B2)-type perturbation implies a
perturbation of A1 to/from A2 and a perturbation of B1 to/from B2.

2. Choose two sites randomly.

3. If the identities of the species on the sites match one side of the perturbation type, the
perturbation is flipping each species on the matching side to the species on the opposite
side of the reaction. For sites with species matching A1 and B1, the perturbation is
setting the occupation variable of the site with A1 to A2 and setting that of the site
with B1 to B2.

4. Else, discard the perturbation, and go to (1).

At each Li chemical potential, we perform 800k perturbations for equilibration and 800k
perturbations for sampling. For sampling perturbations, step (4) returns no perturbation in
order to ensure detailed balance in the MC sampling.

We obtain topotactic voltage curves from the sgc MC simulations by converting between
µLi(xLi) and V (xLi) using the relation in equation 1.1.[96] The voltage is referenced to that
of bcc Li metal. While the CE training set uses the standard Li pseudopotential for its
lower computational costs, additional semi-core electrons in the Li sv pseudopotential are
necessary to properly model metallic bcc Li. The use of the Li sv pseudopotential rather
than the Li pseudopotential for the ground states in a simple spinel LiMn2O4 voltage profile
causes minimal change, as seen in Figure C.1 in Appendix C.1. Thus, we use the Li sv
pseudopotential only for the energy of bcc Li to obtain a spinel voltage profile with the ∼3
V plateau at the appropriate voltage.

Because there tends to be significant hysteresis around the phase transition between
LiMn2O4 and Li2Mn2O4, we determine the equilibrium voltage and compositions at that
transition through free energy integration. This involves integrating upward in temperature
at xLi = 0.0 (xLi = 1.0) then in increasing (decreasing) µLi, and taking the lower envelope
of the grand potential, as described in Section 1.3.2 and [113, 114].

We also perform canonical MC of the disordered spinels in the same 288-oxygen supercell
at varying composition. To simulate Li-excess and Ti-doping, we explore the systems where
Li is added to 16c octahedral sites and where Mn4+ is substituted for Ti4+ in spinel LiMn2O4.
The canonical simulations consist of temperature scans from 100 to 3100K in steps of 100K.
At each temperature, we perform 500k equilibration perturbations and 500k sampling per-
turbations, where each perturbation in the Metropolis algorithm is a swap of the occupation
variables between two chosen sites. To isolate the temperature at which 16c/16d TM disor-
dering occurs, we suppress inversion – another type of disorder seen in spinels [201–203] –
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by only allowing TM redistribution over oct sites and Li and Va distribution over both tet
and oct sites.

We build the CE and perform MC calculations using the statistical mechanics on lattices
(smol) package, which is a publicly released package available on Github at https://github.
com/CederGroupHub/smol.

4.3 Results

4.3.1 Evaluating the cluster expansion

The CE, fit to a final training set of ∼1100 energies of structures, has 180 non-zero ECI, an
RMSE of 70 meV/prim (35 meV/site), and a 5-fold CV error of 84 meV/prim (42 meV/site).
The errors seen in this high-component system are consistent with those seen in [110]. In
addition to evaluating the traditional RMSE and CV error, we compare the performance of
the CE with the DFT training data for a set of physically relevant properties.

To ensure that the CE reproduces most of the DFT ground states, we compare the DFT
(top) and CE-predicted (bottom) Li2O-MnO-Mn2O-TiO2 phase diagrams in Figure 4.1a.
Ground states (green) in DFT that are not reproduced by the CE are circled in red. New
ground states introduced by the CE, but that do not appear in the DFT phase diagram
are circled in blue. The CE misses only the Li4Ti5O12 phase (a defected spinel with Li
substitution on the 16d sites) due to the stabilization of Li2MnTi3O8, which is another
defected spinel (with Li and Mn on the 8a sites and Li and Ti on the 16d sites). The CE also
predicts a few new ground states that are not in the DFT phase diagram, including spinel
LiMn2O4, a rock salt-like LiMn2O3, and a rock salt-like TiMn2O4. Thus, while the CE does
a relatively reasonable job of finding most of the ground states, it tends to overstabilize some
additional Mn-containing spinels and (partially delithiated) rock salts that are not ground
states in the DFT phase diagram.

To ensure the CE describes well the transition of Li occupancy from the tet 8a to the oct
16c sites in spinel, we also build a simple 0K voltage curve for topotactic lithiation in spinel
LixMn2O4 using well-known Li-Va orderings, and compare the CE-predicted 0K voltage curve
with that from DFT (Figure 4.1b). The well-known orderings include the fully delithiated
Mn2O4, the half-lithiated spinel Li0.5Mn2O4, the spinel LiMn2O4, and the fully lithiated
Li2Mn2O4 (shown in in-sets), with the average voltage between adjacent orderings calculated
as in [96, 204]. While the DFT voltage curve has a plateau at ∼2.8 V that is comparable
with that in experiments, the voltage drop to ∼2.8 V at LiMn2O4 is approximately ∼0.5 V
smaller than in experiments.[6, 9, 74] Furthermore, the voltage drop at Li0.5Mn2O4 is much
larger (∼0.5 V) than in experiments (∼0.1 V). The discrepancies with experiment appear
to be caused by self-interaction errors of Mn in SCAN, which also occur in GGA and are
usually rectified using the Hubbard U correction (GGA+U ).[205] Indeed, as seen in Figure
C.2, DFT with GGA+U with a U -value of 3.9 correctly produces the wider voltage jump at
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Figure 4.1: Evaluation of CE-predicted phase diagram and LiMn2O4 voltage curve
(a) Phase diagrams of the Li2O, MnO, MnO2, TiO2 system in DFT vs. predicted by CE.
Ground states (green) in DFT that are not reproduced by the CE are circled in red, while
new CE ground states that do not appear in the DFT phase diagram are circled in blue.
(b) DFT voltage curve vs. CE-predicted 0K voltage curve of spinel LiMn2O4 using selected
ground states, shown in in-sets.
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∼2.8 V of >1 V and the smaller jump at Li0.5Mn2O4 of ∼0.1 V.[206, 207] SCAN+U using
the same U -value also reproduces voltage drops with the correct heights, but the average
voltage appears ∼1 V too high. This indicates that, contrary to some previous works [208]
and despite SCAN’s ability to obtain correct ground states, DFT-SCAN may still require
properly calibrated U -corrections to accurately reproduce voltage curves for some systems.

The CE appears to predict the DFT 0K voltage curve of spinel relatively well, especially
the ∼3 V plateau. However, the plateau between the half-8a-filled spinel Li0.5Mn2O4 and
spinel LiMn2O4 appears ∼0.1 V lower while the plateau between Li0.5Mn2O4 and Mn2O4

is ∼0.1 V higher than in the DFT voltage curve. This indicates that the CE predicts the
Li0.5Mn2O4 ground state to be slightly less stable relative to adjacent ground states compared
to the DFT. Because the average CE and DFT voltages between delithiated Mn2O4 and spinel
LiMn2O4 appear similar (∼4.1 V), the relative energies of these two phases are consistent
between DFT and the CE, and only the half-8a-filled Li0.5Mn2O4 spinel is understabilized
while all remaining phases are predicted well.

4.3.2 Exploring the 16c/16d disordered spinel space

In this work, we aim to model configurations in the PDS space. As PDS is generally con-
sidered to be disordered rock salt with spinel-like order, the extremes of the space are the
ordered spinel and the fully disordered rock salt. Disorder of the 16d Mn onto the 16c
sites (16c/16d disorder) is one way to traverse the space between the ordered (d = 0) and
disordered (d = 0.5) extremes. Thus, we use the level of Mn 16c/16d disorder as a handle
between the ordered spinel and disordered rock salt.

Furthermore, Mn disorder over the 16c and 16d sites is also of interest because it can
potentially remove the two-phase region of the ordered spinel. A two-phase region can be
removed by raising the energies of the stable phases (in this case spinel LiMn2O4 and lithiated
spinel Li2Mn2O4). 16c/16d disorder can increase the energy of the spinel phase because Mn
occupation on 16c sites raises the site energies of Li in the face-sharing 8a sites due to
electrostatic repulsion. A two-phase region can also be removed by lowering the energies of
the solid-solution phases. 16c/16d disorder can result in Li occupancy of non-Mn-occupied
16d sites, which has been shown to lower the energy of face-sharing environments seen in
solid-solution configurations in spinel Li4Ti5O12, as seen in Chapter 3.[176, 209]

Thus, because it spans the PDS configurational space and can potentially remove the
two-phase region of spinel, we investigate the effects of the level of Mn 16c/16d disorder on
the voltage profile of the model system LiMn2O4. We generate Mn disorder over the 16c and
16d sites by starting from ordered LiMn2O4 spinel and swapping randomly chosen Mn on
the 16d sites of the ordered spinel to randomly selected 16c sites, as in [210]. The amount
of disorder, d, indicates the proportion of Mn swapped from 16d sites to 16c sites. In the
LiMn2O4 system, d is also equivalent to the 16c Mn occupancy and varies from d = 0 –
equivalent to the ordered system with 1.0 Mn occupancy in 16d sites and 0.0 Mn occupancy
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in 16c sites – to d = 0.5 – equivalent to the fully disordered system with 0.5 Mn occupancy
of 16d sites and 0.5 Mn occupancy of 16c sites.

4.3.3 Modeling the electrochemical effects of disorder

Based on the hypothesis that 16c/16d disorder can remove the two-phase region between
spinel and lithiated spinel, we expect to see similar effects on the associated ∼3 V plateau
in the voltage profile. To confirm this, we investigate the effects of disorder on the voltage
curve by performing µLi scans in semi-grand canonical (sgc) Monte Carlo (MC) to simulate
topotactic (de)lithiation at 300K within frameworks with varying Mn 16c/16d disorder.
Figure 4.2 shows the calculated voltage profiles from sgc MC simulations of the disordered

Figure 4.2: Simulated disordered spinel LiMn2O4 voltage curves sgc MC-simulated
voltage curves of spinel LiMn2O4 with varying amounts of Mn disordered from the 16d
site onto the 16c sites from d = 0.0 (ordered spinel, shown in dark blue) to d = 0.5 (fully
disordered spinel, shown in dark red).
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spinels, with increasing 16c/16d disorder visualized through color gradation from blue to
red.

The dark blue curve shows the voltage profile of the ordered spinel phase, which includes
the characteristic spinel plateaus at ∼3 V and ∼4.3 V. As the Mn disorder over the 16c/16d
sites (d, defined as the amount of Mn on the 16c sites) increases, the ∼3 V plateau shortens
starting from d = 0.05 and completely disappears when d = 0.25. The shortened ∼3 V
plateau is a result of increased solubility on the xLi = 0.5 side. The system also reaches
higher voltages at dilute limits of Li, with the calculated voltage to extract the final Li (and
oxidize the final Mn3+) increasing from ∼4.5 V in the ordered spinel to ∼6 V in the highly
disordered spinel. Overall, while disorder can shorten and even eliminate the ∼3 V voltage
plateau, it also appears to result in Li and/or Mn in extreme environments that require
voltages (>5V) above the stability range of most electrolytes to delithiate or oxidize.

In actuality, oxygen will generally begin to oxidize before (∼4.5V) the Mn3+ that are in
extreme environments, resulting in lower experimental voltages at dilute Li content.[17, 196,
211] Because the O− anion is not explicitly included in the CE, the sgc MC calculations do
not simulate the effects of oxygen oxidation. To account for the oxygen oxidation, we perform
DFT-SCAN calculations of structures sampled from sgc MC simulations in O60 supercells.
For each level of 16c/16d disorder, we obtain the set of lowest-energy structures at each µLi

as well as 5 randomly sampled Li-Va configurations at µLi corresponding to xLi = 0.1, 0.2,
and 0.3. The estimated voltage curve is then obtained by taking the convex hulls at each
level of disorder and calculating the average voltages between configurations adjacent in xLi

using equation 1.2.[95, 96]

The DFT-SCAN-estimated voltage curve with oxygen oxidation (blue) is compared along-
side the sgc MC simulated voltage curve in O60-supercell without explicit oxygen oxidation
treatment (orange) for the Mn framework with d = 0.1 in Figure 4.3. The curves for other
levels of disorder are shown in Figure C.3. The sgc MC-simulated voltage curve indicates
that ∼6 V is needed to delithiate to very dilute xLi. In contrast, the DFT-SCAN-estimated
voltage curve shows a maximum voltage of 5.2 V. In the low xLi configurations that con-
stitute the DFT-SCAN voltage curve, oxygen oxidation is observable through the increase
in magnetic moment on the O and magnetic moments on the Mn indicative of remaining
Mn3+ even at full delithiation. Thus, the DFT-SCAN calculations appear to properly treat
the oxygen oxidation, resulting in less extreme voltages at low xLi. Furthermore, most Li (>
90%) can be extracted by 4.7-4.8 V, consistent with experiments on the partially disordered
spinel.[195, 196]
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Figure 4.3: Effect of oxygen oxidation on voltage curve Comparison between voltage
curve simulated using sgc MC in O60 supercell (orange) and DFT-SCAN-calculated average
voltages from sgc MC sample configurations at disorder d = 0.1.

4.4 Discussion

4.4.1 Rationalizing the removal of the two-phase region by
16c/16d disorder

In this work, we demonstrated that partial disorder of Mn over both the 16c and 16d sites in
LiMn2O4 spinel reduces the width of the two-phase region between LiMn2O4 and Li2Mn2O4,
shortening the associated voltage plateau. At a critical level of d = 0.25, the plateau fully
disappears. We hypothesized that the mechanism by which 16c/16d disorder may remove
the two-phase region is raising the energy of the spinel phase and lowering the energies of
the solid-solution configurations at intermediate Li composition. Using the CE and MC
simulations, we confirm our hypothesis and obtain additional mechanistic understanding by
sampling the configurations observed along the phase transition.

To confirm that the energies of the spinel and lithiated spinel increase with the addition
of 16c/16d disorder, we evaluate the configurational energies of 100 partially disordered
LiMn2O4 and Li2Mn2O4 using the CE. For a given partially disordered Mn arrangement, the
Li configurations of the LiMn2O4 are generated by filling any non-face-sharing tetrahedral
sites, before non-face-sharing octahedral sites are occupied. If additional Li are required to
maintain the LiMn2O4 stoichiometry, they fill minimally face-sharing empty sites. The Li
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Spinel

Lithiated spinel

Figure 4.4: Energies of disordering spinel LiMn2O4 and Li2Mn2O4 CE-calculated
energies associated with disordering an increasing number of 16d Mn in spinel LiMn2O4

(red) and lithiated spinel Li2Mn2O4 (blue) onto the 16c sites. Energies are calculated with
respect to the ordered spinel (for the disordered spinels) and the ordered lithiated spinel (for
the disordered lithiated spinels).

configurations of the Li2Mn2O4 are generated by filling the unoccupied oct sites. The CE-
evaluated disordered spinel (green) and disordered lithiated spinel (red) energies are shown
with respect to the ordered spinel and lithiated spinel in Figure 4.4. Both spinel and lithiated
spinel energies increase with disorder and level out around disorder levels of d = 0.35. The
spinel energy increases more than twice as much with disorder compared to the lithiated
spinel due to the decrease in tet Li in LiMn2O4 with disorder (see Figure C.4). Thus Figure
4.4 confirms that the endmember phases of the two-phase region in ordered spinel become
less stable with disorder, but the effect is more pronounced on the LiMn2O4 side of the
two-phase region.

To investigate how disorder stabilizes solid-solution configurations relative to the spinel
and lithiated spinel, we analyze the configurations sampled by the MC within the xLi range
of the two-phase region to understand how (de)lithiation occurs in the disordered spinel
compared to the ordered spinel. Figure 4.5 shows the concentration of tet and oct Li envi-
ronments (a,b) and tet environments categorized by the presence of any face-sharing nearest
neighbor cations (c,d) in the ordered (d = 0.0) system and a disordered (d = 0.1) system.
The concentration of tet-occupied and oct-occupied Li are shown in green and red in Figures
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Figure 4.5: Local environments in simulated disordered LiMn2O4 Averaged concen-
trations (per O2) of Li in tet (green triangles) and oct (red circles) coordination environments
for the ordered spinel with d = 0.0 (a) and the slightly disordered spinel with d = 0.1 (b);
and averaged concentrations of tet Li categorized by the species in their face-sharing nearest
neighbor oct sites, including isolated with no face-sharing (black triangles), face-sharing with
Li (blue), face-sharing with Mn (purple), and face-sharing with both Li and Mn (orange) in
the ordered spinel (c) and the slightly disordered spinel (d). Lithiation is split into regimes
based the type of environment Li is inserted, beginning with the insertion of isolated tet Li
(transparent green), followed by the insertion of oct Li and face-sharing tet Li (transparent
red), and ending in a two-phase region between a spinel-like phase and the lithiated spinel
(in which all Li occupy the non-Mn-occupied oct sites). In-sets show examples of local Li
environments, such as isolated tet Li inserted during the green regime of lithiation in (a,c),
the fully lithiated spinel’s oct Li in (a,c), and oct Li and face-sharing tet Li inserted during
the red regime in (b,d).

4.5a and b, and the isolated (non-face-sharing) tet Li, Li-face-shared tet Li, Mn-face-shared
tet Li, and both Li- and Mn-face-shared tet Li are shown in black, blue, purple, and orange,
respectively, in Figures 4.5c and d.

The results in Figures 4.5a and 4.5c demonstrate that in the ordered system (d = 0.0),
Li is inserted into isolated tet sites (8a sites, left in-set in Figure 4.5c) until they are fully
occupied (transparent green regime). The sudden jump in xLi indicates a phase transition
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(transparent blue regime) along with the shift from tet to oct occupancy (right in-set in
Figure 4.5c). Lithiation in the disordered system (d = 0.1) initially proceeds as in the
ordered system, with the insertion of isolated tet Li. From ∼ xLi = 0.2 to ∼ xLi = 0.6, Li
begins to occupy oct sites (left in-set in Figure 4.5d) – as evidenced by the rise in oct Li
concentration (red in Figure 4.5b) – and Mn-face-sharing tet sites (right in-set in Figure 4.5d)
– as evidenced by the rise in the tet Li with Mn-face-sharing environments (purple in Figure
4.5d). Besides a flattening of the isolated tet occupancy, no particular behavior characterizes
the typical Li0.5MnO2 spinel stoichiometry even for this moderate level of disorder. Instead,
further lithiation until ∼ xLi = 0.7 involves Li occupying Li-face-sharing tet sites (blue in
Figure 4.5d). The regime involving more complex solid-solution insertion of Li into oct sites
and face-sharing tet sites is highlighted in transparent red. The two-phase region in the d =
0.1 disordered spinel appears between ∼ xLi = 0.7 and xLi = 1.0.

At intermediate Li content, face-sharing tet sites and oct sites in the disordered system
are not accessible in the ordered spinel but are energetically competitive enough to appear in
the disordered system. This is in line with a previous study showing a decrease in the energy
associated with adding face-sharing Li to spinel-like configurations when 16c/16d disorder
is present. While only doubly face-sharing oct environments are available in the ordered
spinel, the disordered system contains oct environments with only one face-sharing contact;
thus the energy required for Li insertion into oct sites in the disordered system is lower than
in the ordered system.[210] The additional occupation of the face-sharing tet sites and oct
sites allows solid-solution insertion of additional Li past the spinel composition (xLi = 0.5) to
∼ xLi = 0.7. Because the lithiated spinel (xLi = 1.0) is still a stable phase, possibly because
disorder raises the LiMnO2 energy to a lesser degree than it does Li0.5MnO2 (as shown in
Figure 4.4), the length of the overall two-phase region and the associated voltage plateau is
shortened from 0.5 Li/MnO2 to 0.3 Li/MnO2.

From the configurational energies of the disordered spinel and lithiated spinel (Figure
4.4) and the configurations sampled from MC (Figure 4.5), we find that disorder reduces
the two-phase region by destabilizing the spinel and lithiated spinel phases and stabilizing
solid-solution configurations. These two effects can be clearly observed in Figure 4.6a which
shows the MC-averaged energies for the ordered and partially disordered (d = 0.1) systems.
Whereas for the ordered spinel the energy of sampled solid solution configurations (dashed
blue) turns concavely downwards for xLi > 0.5 due to the high energy of creating face-
sharing cation interstitials in the ordered spinel, the partially disordered material allows
for significantly more solid solubility past xLi = 0.5. Between xLi = 0.5 and xLi = 0.7 these
solid-solution configurations are stabilized by disorder compared to the lowest-CE energies of
solid-solution configurations sampled in the ordered phase (dashed blue) (see Appendix C.5
for sampling details). A second, more general effect, already highlighted in Figure 4.4 is the
general energy increase of the LiMn2O4 and Li2Mn2O4 compositions (connected by dashed
maroon) which are raised with respect to the intermediate solid solution compositions. The
net effect of these changes in the energy of the system is a shortened two-phase region in
the partially disordered systems (dotted maroon), which is also raised with respect to the
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two-phase region of the ordered phase (dotted blue).

Disorder also widens the site energy distributions of both the tetrahedral and octahedral
sites. In addition to stabilizing some octahedral environments for Li insertion [210], disorder
also destabilizes some 8a sites via electrostatic interaction with Mn on the 16c sites. The
widening of the site energy distributions can be observed in Figure 4.6b, which shows the
distribution of CE energies (relative to the empty Mn framework) associated with inserting
a Li into each vacant site in the d = 0.0 ordered (top) and d = 0.1 disordered (bottom)
empty Mn frameworks. It is clear that disorder at dilute xLi causes wider site energy distri-
butions and thus an increasing possibility of overlapping distributions. The closer energetic
competition between tet and oct sites then facilitates a more gradual insertion and removal
of Li between the two types of sites, indicative of solid-solution behavior, compared to the
abrupt 8a-to-16c transition in the ordered system.
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Figure 4.6: Formation energies and Li site energies in ordered vs. disordered
LiMn2O4 a) Averaged formation energies of sampled configurations from sgc MC for the
d = 0.0 ordered spinel (blue) and the d = 0.1 disordered spinel (maroon), with two-phase
regions observed by the MC displayed as dotted lines. The dashed maroon line connects the
disordered LiMn2O4 and disordered Li2Mn2O4 phases while the dashed blue line signifies the
solid-solution pathway in the ordered system. b) Distributions (normalized per O2 cell) of
the CE energies associated with inserting a single Li in each vacant tet (green) and oct (red)
site in the d = 0.0 ordered spinel (top) and d = 0.1 disordered spinel (bottom). The site
energies in the ordered spinel are labeled by their Wyckoff site, and the maximum level of
tetrahedral and octahedral occupancy are delineated by green and red dashed lines.
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4.4.2 Pathways to induce and better control disorder in PDS

From our simulations, disordering 16d Mn onto the 16c sites of spinel shortens the ∼3 V
plateau by increasing solubility of Li in Li0.5MnO2, achieving solid-solution behavior at d =
0.25. However, because the energy of spinel LiMn2O4 increases with disorder (Figure 4.4 and
Figure 4.6a), 16c/16d disorder may be difficult to produce experimentally. Potential paths to
facilitate disorder include 1) adding d0 elements, which are more flexible in their coordination
environments and thus can better accommodate distortions [197], and 2) synthesizing at off-
stoichiometry compositions, as the stability of the 16d ordering at LiMn2O4 is associated
with Li tet occupancy. Because the 16d ordering enables 8a ordering, at which non-face-
and edge-sharing tet Li are equidistant to other Li, adding Li-excess that disturbs the 8a
ordering may reduce the stability of 16d TM ordering.

To confirm whether these compositional changes can facilitate spinel disordering, we
perform canonical MC heating to investigate at what temperature the 16d TM ordering is
broken with 1) the substitution of Ti4+ for Mn4+ and 2) the addition of Li-excess to the 16c
sites of spinel LiMn2O4. We substitute only up to 0.2 Ti per O2 because Ti does not provide
any redox, and we explore Li-excess levels at the same cation to anion ratios as synthesized
in PDS in previous experimental work [195]. Figure 4.7 shows the averages of sampled
16c (teal) and 16d (red) TM occupancies as the Ti-substituted (left column) and Li-excess
(right column) systems are heated up to 3000K. The shaded extension signifies the standard
deviation of the sampled occupancies. Dashed black lines indicate the temperature at which
the average 16c TM occupancy ⟨xTM

16c ⟩ exceeds 0.2, and the dashed green line indicates the
same for the ordered, non-substituted LiMn2O4 (TM occupancies for spinel LiMn2O4 shown
in Figure C.5 in Appendix C.4).

Substituting an increasing amount of Ti (from 0.05 to 0.1 to 0.2 Ti per O2) results in small
decreases in the temperature at which the 16d TM ordering is disrupted. This is reflected
in the decrease in the temperature at which ⟨xTM

16c ⟩ > 0.2 from 2300K to 2000K to 1900K. In
the Li-excess systems, we see a more significant decrease in disordering temperature, with
the temperatures at which ⟨xTM

16c ⟩ exceeds 0.2 decreasing from 2200K to 1600K to 600K
with xLi=1.07, xLi=1.28, and xLi=1.60. Based on the canonical MC heating simulations, we
suggest that both the substitution of Ti (up to 0.2 Ti/O2) and Li-excess can decrease the
annealing temperature at which 16c/16d disordering occurs. In particular, Li-excess seems to
have a stronger effect compared to Ti substitution, indicating that a deviation from the spinel
structure (with the addition of Li 16c) is more critical to reducing the 16c/16d disordering
temperature than a deviation in the TM chemistry.

Of note is that we do not consider the possibility of Li-Mn inversion (i.e., Mn disordering
onto the tet sites) in this simulation to focus on the direct effects of Ti-substitution and
Li-excess on breaking the 16d ordering. Because inversion removes TM from the oct sites,
the 16c and 16d TM occupancies at elevated temperatures may differ from those seen here,
especially if inversion occurs before the 16c/16d disordering temperature. However, we
suspect that inversion may become less likely as the cation:anion ratios deviate further from
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Figure 4.7: TM-occupancies at increasing temperature with varying Li-excess and
Ti-substitution Average of sampled concentrations of TM-occupied 16d (teal) and 16c
(red) sites during canonical MC heating of spinels with 0.05, 0.1, and 0.2 Ti4+ substituted
for Mn4+ (left column) and 0.07, 0.28, and 0.60 Li-excess added to 16c sites (right column).
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at each given temperature. Dashed black lines indicate the first temperature at which the
TM occupancy of 16c sites exceeds ⟨xTM

16c ⟩ = 0.2, while the dashed green line indicates the
same for ordered LiMn2O4.
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that of spinel (3:4) because there are fewer unoccupied, non-face-sharing tet sites onto which
Mn can invert.

The exceedingly high temperatures required to disturb TM 16d ordering simulated here
(>2000K) are reflected in the fact that PDS has, to this point, been mainly achieved by high-
energy ball-milling.[195, 196] While high-energy ball-milling can transfer energies and achieve
disordered configurations similar to those simulated at extremely elevated temperatures (up
to 2500K based on previous work [103, 107]), it is not a scalable synthesis method for industry.
Because the Li-excess and Ti4+-substitution suggested here decrease the 16c/16d disordering
temperature, we expect that these compositional adjustments should also make synthesis of
PDS more facile, for example by lowering the required time for or speed of ball-milling or
even enabling synthesis through solid-state methods.

4.4.3 Recommendations for partially disordered spinels

Based on simulated voltage curves, the two-phase region and ∼3 V voltage plateau disappear
at d = 0.25, corresponding to 25% Mn occupancy on the 16c sites. Disordered spinels with
higher levels of disorder also show no two-phase behavior, indicating that they would also
display solid-solution behavior, but their spinel characteristics also decreases with disorder.
Because the Mn begin to occupy 16c sites, the 8a-16c network that enables 3-D Li migration
in spinel LiMn2O4 becomes increasingly obstructed with disorder. While Li can percolate
through other tet sites (8b and 48f) that are stabilized by disorder [212], the excess loss of
spinel character and its channels with facile Li migration impacts the overall Li mobility in,
and thus the rate capability of, the highly disordered materials [195]. Therefore, we suggest
that partially disordered spinels should not exceed disorders of d = 0.25.

However, disordered spinels with slightly lower levels of disorder (d = 0.15-0.20) likely
maintain many of the advantages of the more disordered spinels. Disordered spinels with only
d = 0.15-0.20 still show significantly shorter voltage plateaus (from ∼ xLi = 0.85 to 1.0 per
O2) compared to the ordered spinel (xLi = 0.5 to 1.0 per O2). Thus, most of the Li inserted
through a two-phase region in the ordered spinel can lithiate instead through solid-solution
in the d = 0.15-0.20 disordered spinels. 16c/16d disorder also breaks the 16d Mn ordering of
the ordered spinel that is responsible for the collective Jahn-Teller distortion in the ordered
spinel. Thus, partially disordered spinels with 15%-20% 16c Mn or TM occupancy are likely
to show mostly solid-solution behavior without collective Jahn-Teller distortion as well as
good rate capability due to higher spinel character.
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Chapter 5

Concluding remarks
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5.1 Conclusions

This dissertation utilized first-principles calculations and cluster expansion methods to an-
alyze the thermodynamics associated with intercalation and the kinetics associated with
migration of Li- and Mg-ions into spinel-based oxide frameworks as potential high en-
ergy density or high rate electrodes. Specifically, we investigated the intercalation of Mg-
ions into the 8a sites of Mg

(8a)
x Cr

(16c)
2 O4 and Li-ions across the 8a-to-16c transition from

Li
(8a)
3 (LiTi5)

(16d)O12 to Li
(16c)
6 (LiTi5)

(16d)O12, as well as their mobility at varying states of
Mg and Li content. We then analyzed the effect of disordering the octahedral 16c and
TM-occupied 16d sites of the spinel on the 8a-to-16c transition and intercalation voltage
profile in LiMn2O4. The work presented in this dissertation offers valuable insights into po-
tential barriers to Mg-ion intercalation, mechanisms for fast Li-ion diffusion, and pathways
to optimizing electrochemical properties through framework disorder in spinel-based oxide
materials.

Chapter 2 presented an investigation of the intercalation of Mg in the Cr2O4 spinel in
order to better evaluate the MgxCr2O4 system as a potential Mg-ion cathode. This inves-
tigation focused on evaluating the associated thermodynamics of intercalation and kinetics
of mobility of Mg in Cr2O4 by building a cluster expansion to evaluate the room tempera-
ture voltage curve and investigating the kinetics at strong intermediate Mg-Va ground state
orderings. While the initial charge and deintercalation of the Mg is facile, the intermediate
orderings at 33% Mg and 50% Mg concentrations do pose potential problems to intercalation
due to the depth of the orderings and the high migration barrier of Mg at concentrations
below 50% Mg. Doping on the transition metal site (with transition metals such as Mn
or Ni) or on the anion sites (with F or S) is proposed to destabilize the deep intermediate
orderings and decrease the high Mg migration barrier and large voltage steps. Given the re-
cent improvements in cathodic stabilities of Mg electrolytes, further studies on removing the
bottlenecks of reversible Mg intercalation in the high-voltage spinel-Cr2O4 cathode should
enable the practical realization of high energy density Mg batteries.

In Chapter 3, we combined operando Li K-edge electron energy loss spectroscopy (Li-
EELS) to characterize Li occupancy at high rate, simulated Li-EELS spectroscopy, and
Li migration calculations to pinpoint the origins of fast Li kinetics in Li4Ti5O12. Specifi-
cally, we carried out operando Li-EELS to probe Li-ion transport in a Li4Ti5O12 electrode
during galvanostatic discharge/discharge. First-principles computational spectroscopy was
performed to identify the spectral signature of the intermediate arising from local distorted
face-sharing Li polyhedra. Facile Li migration routes involving these face-sharing motifs
were revealed in intermediate configurations. Many of these intermediate configurations are
slightly higher in energy than the two-phase thermodynamic equilibrium but accessible with
a small overpotential due to the Li defects on the 16d sites compared to typical LiM2O4

spinels, enabling high rate capability. These findings, which provide unique insights into
the kinetics-controlled ionic transport in Li4Ti5O12, may open new directions for designing
electrode materials for fast-charging batteries.
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Chapter 4 demonstrated how 16c/16d disordering can close the two-phase region between
LiMn2O4 and Li2Mn2O4 in LixMn2O4 spinel. Using a cluster expansion in combination
with Monte Carlo calculations, we find that disorder shortens the two-phase region between
LiMn2O4 and Li2Mn2O4 by increasing Li solubility in LiMn2O4 with the plateau disappearing
at 0.25 Mn occupancy on the 16c sites. While disorder also results in extreme voltages at the
dilute Li limit, such effects are moderated by oxygen oxidation. Because 16c/16d disorder
may be difficult to produce experimentally, we suggest that Ti substitution and Li-excess can
aid in disrupting the 16d TM ordering. From this work, we demonstrate how disorder can
elevate the overall energy landscape, making higher-energy solid-solution configurations more
accessible, and can widen site energy distributions to reduce and even remove problematic
two-phase regions. The removal of the rate- and cyclability-limiting two-phase region of the
spinel through disorder provides an avenue by which to optimize the partially disordered
spinels, bringing us another step closer to cheaper high-rate, energy-dense Li-ion cathodes.

5.2 Future directions for spinels as battery materials

While we investigated the spinel structure as possible Li-ion and Mg-ion electrodes, the
spinel framework is also an attractive structure type for solid-state conductors due to its
3-D migration network. A number of Mg chalcogenide spinels have been proposed as Mg-ion
solid-state conductors with surprisingly low migration barriers (as low as 360 meV).[52, 213]
However, such chalcogenide-based materials tend to be unstable against the oxidizing and
highly reducing conditions when in contact with the high voltage cathode and the Mg metal
anode. Spinel frameworks (Li-substituted MgAl2O4)[214, 215] have also been considered for
Li-ion solid-state conductors in order to build a lattice-matching solid-state battery without
interfacial impedance. However, Li-ion mobility in oxide-based materials are generally some-
what lacking (with some exceptions) compared to the required Li mobility in a solid-state
conductor. Halides, on the other hand, tend to have better stability against oxidation and
reduction than chalcogenides and better ion mobility than oxides.[216] Indeed, the recently
reported Li2Sc2/3Cl4 spinel with Li-ion conductivity of 1.5 mS/cm [217] highlights that the
halide spinels are an extremely promising class of materials worthy of a more thorough
investigation.

In this dissertation, we considered intercalation from the empty spinel (B2O4, with a 1:2
cation:anion ratio) into the 8a sites (to AB2O4, with a 3:4 cation:anion ratio) and across the
8a-to-16c transition (to A2B2O4 with a 1:1 cation:anion ratio). However, less investigation
has been done on intercalation past the 1:1 cation:anion ratio. This is generally true in FCC
oxides where the octahedral sites are usually fully filled at the 1:1 cation:anion ratio because
cation insertion past the 1:1 cation:anion ratio requires tetrahedral occupancy. However, at
dilute levels of insertion, cation insertion into the interstitial tetrahedral sites results in the
face-sharing tetrahedral-octahedral configurations responsible for the fast Li-ion conduction
in Li4Ti5O12. Thus, if cation insertion in spinels past the 1:1 cation:anion ratio is possible, we
expect that similar tetrahedral-octahedral face-sharing configurations may also facilitate high
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cation mobility in these materials. Such face-sharing configurations and the low migration
barrier of their cooperative migration have been shown in a disordered Li-ion vanadium
rock salt oxide proposed as a fast-charging anode.[218] In spinel, cation insertion can be
accommodated by the 8a sites, which face-share with four neighboring cation-occupied 16c
sites and no (highly charged) transition metals. Similar local configurations (tetrahedral Li
surrounded by four octahedral Li) also occurs in garnet Li7La3Zr2O12, a solid-state Li-ion
conductor, further indicating such local configurations can be stabilized and conducive to
fast Li-ion mobility. Thus, overlithiated spinels (with cation:anion ratio > 1:1) present an
exciting opportunity for solid-state materials with fast Li-ion conduction.

Finally, further exploration of the partially disordered spinel (PDS) space is of great
interest for realizing cheap high energy density, high rate Li-ion cathodes. While we mostly
investigated partial disorder based on Mn disordering from the 16d sites onto the 16c sites,
the nature of “partial disorder” in experimentally synthesized PDS may differ from the
disordered spinel investigated here. For example, it is not quite clear whether the spinel-like
order in PDS is short-, medium-, or long-range. Additionally, the disorder explored here (of
the Mn onto the 16c sites) has infinite coherence due to the finite size of the supercell, which
may not be true in the experimentally synthesized PDS. However, the disorder in PDS is
currently evaluated based mainly on XRD refinement to the spinel structure.[195] While this
type of characterization provides information regarding the level of disorder via the 16c and
16d TM occupancy, further experimental characterization with higher local and medium-
range sensitivity could help to better determine the nature of the disorder. These types of
detailed experimental characterizations, along with the larger-scale simulations enabled by
cluster expansions, could facilitate navigation to the optimal material within the complex
configurational space of PDS.
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Appendix A

Supplemental information for
investigating MgxCr2O4 as a Mg-ion
cathode

Further details on the cluster expansion ECI and the 33% Mg and 50% Mg ground state
orderings are provided. An explanation of the free energy integration performed to remove
hysteresis in the voltage profile is also provided. The change in unit cell during Mg interca-
lation is provided and discussed. The 60°C (333 K) voltage profile is plotted along with the
DFT, CE-predicted, and 20°C (293 K) voltage profiles shown in the main text. The migra-
tion path of an additional Mg in the 50% Mg structure for which migration barriers were
calculated is shown. Direct comparisons between NEB migration barriers and the convex
hulls of the MgxCr2O4 system using the GGA vs. GGA+U functionals are also displayed.
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A.1 Cluster expansion ECI information

The cluster expansion is fit to a Mg2Cr4O8 primitive cell with Mg at fractional coordinates
(0.375 0.875 0.875) and (0.625 0.125 0.125) in a lattice of matrix:4.16384 4.16384 0

4.16384 0 −4.16384
0 4.16384 −4.16384



Figure A.1: Fitted ECI for formation energy, with cluster number corresponding to clusters
in Table S1. The zero- and point-cluster terms are not shown, and the pairs, triplets, and
quadruplets ECI’s are separated by dashed lines.
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A.2 x = 0.33 and x = 0.5 ground state orderings of

MgxCr2O4

Mg2Cr8O16

Lattice parameters

a = 5.889,b = 5.889, c = 10.199

Lattice angles

α = 73.221,β = 90.000,γ = 120.000

Cell volume = 288.763

Atom Fractional coordinates

x y z
Mg 0.375 0.75 0.875
Mg 0.25 0.5 0.25
Cr 0.5625 0.125 0.3125
Cr 0.0625 0.125 0.8125
Cr 0.8125 0.125 0.0625
Cr 0.3125 0.125 0.5625
Cr 0.8125 0.625 0.0625
Cr 0.3125 0.625 0.5625
Cr 0.3125 0.125 0.0625
Cr 0.8125 0.125 0.5625
O 0.94185 0.8837 0.17445
O 0.44185 0.8837 0.67445
O 0.18315 0.3663 0.45055
O 0.68315 0.3663 0.95055
O 0.67445 0.8837 0.44185
O 0.17445 0.8837 0.94185
O 0.45055 0.3663 0.18315
O 0.95055 0.3663 0.68315
O 0.67445 0.3489 0.44185
O 0.17445 0.3489 0.94185
O 0.45055 0.9011 0.183150
O 0.95055 0.9011 0.68315
O 0.20925 0.8837 0.44185
O 0.70925 0.8837 0.94185
O 0.91575 0.3663 0.183150
O 0.41575 0.3663 0.68315
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Mg2Cr12O24

Lattice parameters

a = 5.889,b = 13.167, c = 5.889

Lattice angles

α = 77.079,β = 90.000,γ = 77.079

Cell volume = 433.145

Atom Fractional coordinates

x y z
Mg 0.916667 0.166667 0.416667
Mg 0.166667 0.666667 0.166667
Cr 0.375 0.25 0.125
Cr 0.708333 0.583333 0.458333
Cr 0.041667 0.916667 0.791667
Cr 0.708333 0.083333 0.958333
Cr 0.041667 0.416667 0.291667
Cr 0.375 0.75 0.625
Cr 0.375 0.25 0.625
Cr 0.708333 0.583333 0.958333
Cr 0.041667 0.916667 0.291667
Cr 0.208333 0.083333 0.958333
Cr 0.541667 0.416667 0.291667
Cr 0.875 0.75 0.625
O 0.294567 0.410867 0.527167
O 0.6279 0.442 0.8605
O 0.961233 0.077533 0.193833
O 0.788767 0.422467 0.056167
O 0.1221 0.7558 0.3895
O 0.455433 0.089133 0.722833
O 0.938033 0.589133 0.705433
O 0.271367 0.922467 0.038767
O 0.6047 0.2558 0.3721
O 0.1453 0.2442 0.8779
O 0.478633 0.577533 0.211233
O 0.811967 0.910867 0.544567
O 0.294567 0.410867 0.061967
O 0.6279 0.7442 0.3953
O 0.961233 0.077533 0.728633
O 0.788767 0.422467 0.521367
O 0.1221 0.7558 0.8547
O 0.455433 0.089133 0.188033
O 0.472833 0.589133 0.705433
O 0.806167 0.922467 0.038767
O 0.1395 0.2558 0.3721
O 0.6105 0.2442 0.8779
O 0.943833 0.577533 0.211233
O 0.277167 0.910867 0.544567
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Figure A.2: Orderings of Mg in the Mg-Cr layer in various states of Mg concentration x in
MgxCr2O4, with Mg represented by orange tetrahedral and Cr represented by blue octahedral
and O at the vertices of the polyhedra. (a) Mg-Cr layer outlined in red in fully magnesiated
MgCr2O4. Mg-Cr layer in the (111) direction of (b) MgCr2O4, (c) Mg0.33Cr2O4, and (d)
Mg0.5Cr2O4.
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A.3 Free energy integration

Figure A.3: (a) Demonstration of free energy integration from Grand canonical Monte Carlo
scans over decreasing xMg (green) and increasing xMg (yellow) to obtain the free energy-
integrated curve (black). (b) The Grand canonical Monte Carlo scans from (a) plotted in
the Grand canonical potential-µMg space, with the Grand canonical potential (ϕ) calculated
from Equation A.1. Yellow and green lines in (b) represent scans in increasing and decreasing
µMg, respectively. The free-energy-integrated voltage curve in (a) is the lower envelope of the
green and yellow lines in (b). The vertical black dashed line marks the µMg where the yellow
and green lines intersect (µMg ∼ 1.9), while the inset shows a zoom-in of the intersection.

Hysteresis can be observed in Monte Carlo simulations, leading to quantitatively differ-
ent voltage profiles and transition temperatures while simulating phase transitions.[113] For
example, from Figure A.3a, the voltage curves calculated from an increasing xMg (yellow
line) and a decreasing xMg (green) Monte Carlo scans differ significantly at xMg ∼ 0.5 (3.27
V in the increasing xMg scan and 3.36 V in the decreasing xMg scan). Such hysteresis can
be removed via free energy integration. Figure A.33 demonstrates free energy integration
between xMg ∼ 0 and xMg ∼ 1, which corresponds to µMg ∼ −0.8 and µMg ∼ 0.6, re-
spectively. The free energy integration is calculated by performing Grand canonical Monte
Carlo scans in both increasing (yellow line in Figure A.3b) and decreasing (green) µMg and
subsequently taking the lower envelope of free energy obtained from the two scans in the
Grand canonical potential-µMg space. As in Hinuma, et al. [113], we calculate the Grand
canonical potential at a given µMg and temperature (T = 293 K) based on the integral of
the average concentration ⟨N(T = 293K, µ)⟩ over dµ, from an initial reference state where
the Grand canonical potential is known (at µ=µ0) as

ϕ(293K, µMg) = ϕ(293K, µ0)−
∫ µMg

µ0

⟨N(293K, µ)⟩ dµ (A.1)
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For the yellow curve in Figure A.3b, µ0 ∼ −0.8 (xMg = 0) and dµ > 0, while the green
curve has µ0 ∼ 0.6) (xMg = 1) and dµ < 0. In Figure A.3b, the lower envelope of the yellow
and green lines corresponds to the true minimum of the Grand-canonical potential at each
µMg, i.e., the yellow line from µ0 ∼ −0.8 to µ0 ∼ 1.9 and the green line from µ0 ∼ 1.9 to
µ0 ∼ 0.6, which in turn leads to the voltage curve without any numerical hysteresis (black
in Figure A.3a). The dashed black line in Figure A.3b corresponds to the µMg at which the
green and yellow line intersect in the Grand canonical potential-µMg space (Figure A.3b).
After free energy integration, the voltage plateau from xMg ∼ 0.5 to xMg ∼ 0.75 is 3.31 V.

From Figure A.3a (black), we note that we are missing a 33% Mg voltage step in the
free energy-integrated voltage curve. However, we consider the 33% Mg ground state to be
important due to its high depth (Figure 2.2 in main text). Further, canonical Monte Carlo
scans (at constant xMg) and increasing temperature indicate that the 33% Mg structure
should be a ground state at both 0 K and 293 K. Thus, to obtain an accurate voltage curve
including the 33% Mg ground state, we use a free energy integration scheme between 25%
and 50% Mg and initiate Monte Carlo scans from the missing 33% Mg configuration.

Figure A.4 demonstrates free energy integration between 25% and 50% Mg (µMg ∼ −0.3
to µMg ∼ 0.2), analogous to Figure A.3. Here, we start from the free energy-integrated curve
of Figure A.3 (also black in Figure A.4a-b) and perform Grand canonical Monte Carlo scans
from an initial µ0 = 0 (xMg ∼ 33%, the ground state at 293 K) with, separately, increasing
(yellow in Figure A.4b) and decreasing (green) µMg. The voltage curve from the free energy
integration (red curve in Figure A.4a) is given by the lower envelope of the yellow, green,
and black curves in Figure A.4b, which is composed of the black curve from µMg ∼ −0.3 to
µMg ∼ −0.15, the green curve from µMg ∼ −0.15 to µMg ∼ 0, the yellow curve from µMg ∼ 0
to µMg ∼ 0.07, and the black curve from µMg ∼ 0.07 to µMg ∼ 0.2. Thus, the configurations
along the lower envelope of Figure A.4b are ∼25% Mg from µMg ∼ −0.3 to µMg ∼ −0.15,
33% Mg from µMg ∼ −0.15 to µMg ∼ 0.07, and 50% Mg from µMg ∼ 0.07 to µMg ∼ 0.17.
The voltage curve in Figure A.4a exhibits a voltage jump at 33% Mg from 3.46 V to 3.66 V
due to the second free energy integration we perform between 25% Mg and 50% Mg.
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Figure A.4: (a) Plot of the voltage curve before (black) and after (red) free energy integration
to obtain a voltage curve with the 33% Mg voltage step starting from the voltage profile
obtained over the entire Mg composition range obtained in Figure A.3 (black line in Figure
A.3). (b) Grand canonical Monte Carlo scans starting from µ0 = 0 and increasing (yellow)
and decreasing (green) in µMg. We additionally show the curve from the first free energy
integration (from Figure A.3) in the Grand chemical potential-µMg space (panel b). The red
curve in (a) is obtained by taking the lower envelope of the yellow, green, and black curves in
(b). The vertical dashed black lines in (b) show where the green and black curves intersect
(µMg ∼ −1.5) and where the yellow and black curves intersect (µMg ∼ 0.07).
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A.4 Volume change during Mg intercalation

Figure A.5: Volume expansion of MgxCr2O4 ground states as Mg is intercalated from the
system is shown through a plot of the volume/f.u. of the DFT ground states against the Mg
concentration. The dashed line indicates where 75% of the volume increase occurs during
Mg intercalation into the charged-Cr2O4.

Figure A.5 plots the volume/f.u. of the ground states at the corresponding Mg concen-
trations of the ground states to investigate the volume change during intercalation. From
the fully charged to the fully discharged states, the structure experiences a total volume
expansion of 5.2%. Interestingly, the spinel lattice expands most rapidly at low levels of

magnesiation, leading to a 4.0% volume increase from the 0% Mg (at 144.5 Å
3
/f.u.) to the

33% Mg (at 150.2 Å
3
/f.u.). Beyond 33% Mg, the spinel expands to a lesser extent, further

increasing 1.5% in volume (up to 152.4 Å
3
/f.u.) at 100% Mg. Thus, 72.5% of the total

volume expansion occurs between 0% Mg and 33% Mg while the remaining 27.5% of the
total volume expansion occurs between 33% Mg and 100% Mg content.
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A.5 Voltage curve at elevated temperature

Figure A.6 plots the 333 K voltage curve calculated from Monte-Carlo simulations of the
CE (solid blue). Note that the 333 K voltage curve lies directly on top of the 293 K CE-
predicted voltage curve (solid black line), indicating that there should be negligible change
in the voltage profile with the increase in temperature from 293 K to 333 K.

Figure A.6: Voltage curves calculated from the DFT convex hull (green dashed), from the
CE-predicted convex hull at 0 K (yellow dashed), from Monte Carlo calculations using the
CE at room temperature (293 K, black), and from Monte Carlo calculations using the CE
at 60°(333 K, blue).
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A.6 Migration path of additional Mg in Mg0.5Cr2O4

ground state ordering

Figure A.7: (a) Initial and (b) final states of the considered migration path for the 50% Mg
with additional Mg configuration. The added Mg, labeled “+Mg”, is inserted in a site that
is not occupied in the 50% Mg ground state ordering. “+Mg” migrates to an adjacent Mg
site which is occupied in the 50% Mg ground state ordering, labeled “Site Mg”. Because the
adjacent site is occupied in (a) by “Site Mg”, the migration of “+Mg” from inserted site to
adjacent site is accompanied by the migration of “Site Mg” from the adjacent site to a site
equivalent to the inserted site.
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A.7 Comparison between GGA+U and GGA NEB

barriers

Figure A.8: Comparison between the activation migration barriers using the GGA (dashed)
vs. GGA+U (solid) functionals in DFT-based NEB. The migration barriers are shown at
the dilute Mg (blue), 33% Mg with additional vacancy (red), 33% Mg with additional Mg
(orange), 50% Mg with additional vacancy (yellow), 50% Mg with additional Mg (green),
and dilute vacancy (black) configurations.

Figure A.8 shows in each plot a comparison between the migration barriers calculated
using DFT with GGA (solid) and GGA+U (solid). Migration barriers were calculated for the
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dilute Mg, 33% Mg (with both additional vacancy and additional Mg), 50% Mg (with both
additional vacancy and additional Mg), and dilute vacancy configurations (see Figures 2.5
and 2.6 in Chapter 2). In all cases, the GGA+U barriers are higher than the GGA barriers
for the same configuration. The dilute Va and 33% Mg with additional Mg barriers are the
most similar between GGA and GGA+U, with a barrier increases of only ∼90 meV and
∼30 meV respectively with GGA+U compared to the GGA barrier. However, the barriers
of the dilute vacancy, 33% Mg with additional Mg, 50% Mg with additional vacancy, and
50% Mg with additional Mg configurations increase considerably, by ∼200 meV, ∼320 meV,
∼200 meV, and ∼250 meV respectively, when GGA+U is employed instead of GGA. Also,
the migration energy profiles at 33% Mg and 50% Mg with additional vacancies demonstrate
a large difference in energy (300-350 meV) between the initial site (0% path distance) and
final site (100% path distance) when using GGA+U instead of GGA.

98



A.8 Comparison between GGA vs. GGA+U convex

ground state hulls

Figure A.9 shows a comparison between the convex hulls of the MgxCr2O4 when calculating
energies of configurations using DFT using the GGA vs. GGA+U functionals. In order
to demonstrate the difference in functionals, we consider only the GGA+U ground states
when calculating both of the convex hulls. Notably, 8.3%, 25%, 62.5%, and 75% ground
states in GGA+U are no longer ground states when the energies are calculated using GGA.
Further, the 16% Mg and 66% Mg ground states are much deeper (from Etie-line < 5 meV
to Etie-line > 10 meV). Thus, both the shape of the ground state hulls (which affects the
voltage) and the depths of ground state configurations (which indicate the important Mg-Va
orderings that may lead to high Mg migration barriers) are evaluated differently in GGA
compared to GGA+U.
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Figure A.9: Comparison between the convex hulls of the MgxCr2O4 system with config-
urations calculated in DFT using the GGA (yellow circles) vs. GGA+U (green circles)
functionals. The GGA+U convex hull is delineated in black (with ground states outlined in
black), while the GGA convex hull is delineated in red (and ground states outlined in red).
The GGA convex hull was constructed by calculating the energies of the GGA+U ground
states within the GGA framework.
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Appendix B

Supplemental information for
investigating the kinetics of
Li4+xTi5O12

The materials and methods are described. Further details describing the local reaction in
the LTO electrodes, the redox of Ti during (dis)charge, on the Li-EELS spectra (from ex
situ measurements and its rate dependence) are provided. We also analyze the calculated Li-
EELS pre-edge fine structure of the atomic configurations and Li polyhedral distortions in the
low-energy intermediate configurations. We identify the correlation between the pre-peak M
and the local distortion in the Li polyhedra. We additionally provide the detailed calculated
migration paths not shown in the main text. More detailed experimental characterization of
the electrochemical cell and its components is also provided.
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B.1 Materials and methods

B.1.1 Phase stability calculation details

All first-principles calculations were performed with the Perdew–Burke–Ernzerhof exchange-
correlation parameterization to density functional theory (DFT) using the spin-polarized
generalized gradient approximation [91]. The projector-augmented wave pseudopotentials
were used as implemented in the Vienna ab initio simulation package (VASP) version 5.3.5
[219]. We used a plane-wave basis set with an energy cutoff of 520 eV and sampled 5× 2× 5
gamma-centered k-point meshes for 1× 3× 1 supercells of a primitive cell of spinel Li4Ti4O8

to find stable configurations of Li4+xTi5O12 (x = 0, 1, 2, and 3).

B.1.2 Calculation of Li-EELS spectra

The Z+1 approximation was employed to calculate the Li-EELS spectra [220] of Li4+xTi5O12.
We used large supercells of 2 × 3 × 2 primitive unit cells of spinel Li2.67+xTi3.33O8 with a
gamma-centered 1 × 1 × 1 k-point grid and a large number of unoccupied bands (three
times the number of occupied bands) to accurately predict EELS spectra [220]. At each
configuration of Li4+xTi5O12 (x = 0, 1, 2, and 3), EELS spectra were computed for all
symmetrically inequivalent Li-ions within supercells and summed with weighting by their
multiplicities. The computed total EELS spectra were aligned at 61.5 eV (the main peak
position of the experimental spectra). The resolution of the computed total EELS intensities
in Figure B.5A was reduced by convolution with the Gaussian distribution and a full width
at half maximum (FWHM) of 1 eV in order to consider the effect of instrumental broadening
of operando EELS spectra. To clearly see the differences between the spectra of individual
Li ions at the 8a, 16c, and 16d sites, we used a FWHM of 0.5 eV for individual EELS peaks.

To validate the Z+1 method used for computing the Li-EELS spectra, we compared them
with the spectra obtained using the Obtaining Core Excitations from Ab initio Electronic
Structure and NBSE (OCEAN) package version 2.5.2.[220] Ground-state wave functions and
orbital energies, which are used as inputs for OCEAN calculations, were obtained from
plane-wave norm-conserving (NC) pseudopotential calculations using Quantum ESPRESSO
package version 6.3 [221] with a kinetic energy cutoff of 100 Ry. We verified that the total
density of states of Li7Ti5O12 is almost identical for VASP and Quantum ESPRESSO cal-
culations. The electron–core hole interaction was treated using the Bethe–Salpeter equation
[222]. A total of 1600 bands were included (approximately 100 eV above the Fermi level)
to compute the screened core-hole potential in the OCEAN calculations. In the OCEAN
calculations, the reference Li 1s core hole energy level was set to 8.54 eV. Relative core
level shifts were calculated according to the procedure described in Ref. [223]. All OCEAN
spectra were shifted by a constant energy of 47.9 eV to align with experimental spectra and
broadened with a Gaussian broadening with a FWHM of 1.2 eV. Figure B.4 shows that both
computational methods predict similar energy positions of pre-peak S and relative intensities
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compared with those of the main peak for both Li4Ti5O12 and Li7Ti5O12, which is in good
agreement with the experiments, further validating our method to predict Li-EELS spectra.

B.1.3 Calculation of Li migration barriers

Li migration barriers were calculated using the nudged-elastic band (NEB) method [118,
119] within a supercell containing 8 formula units of Li4+xTi5O12 (Li33Ti40O96), Li5+xTi5O12

(Li41Ti40O96), and Li7−xTi5O12 (Li55Ti40O96). Compared to previously considered migration
pathways, the proposed migration pathway considers interstitial Li at the Li4Ti5O12 and
Li5Ti5O12 concentrations rather than vacancies in the Li4Ti5O12 structure [172, 224]. The
use of interstitial Li+ as the percolating defect at these compositions is consistent with the
high Li+ chemical potential applied to insert Li+ into Li4Ti5O12 and also with the sudden
increase in Li+ diffusivity observed at Li4.1Ti5O12 [174].

In situ neutron powder diffraction analysis revealed that the main hopping mechanism
of Li in Li4Ti5O12 is from the 8a sites to 16c sites and vice versa.[225] Thus, for the NEB
method for calculations with interstitial Li, we stitched together a series of 5 hops that
resulted in symmetrically equivalent beginning and end configurations to ensure that the
stitched-together pathway was percolating. For each of the hops, we used three replicas of
the systems, except for the last hop of the Li4+xTi5O12 calculation, which used five replicas
because of the length of the hop. The Li7−xTi5O12 pathway is a simpler 16c-8a-16c path
compared to the complex configurations involving the interstitials, so we calculate a simple
pair of 16c-8a and 8a-16c hops using 7 replicas total. The replicas were initiated by linear
interpolation between the initial and final configurations of each individual hop. All the
lattice parameters were fixed as before with one interstitial lithium or lithium vacancy added.
The atomic positions within the supercell were relaxed to an energy convergence criterion
of 10−5 eV and a force convergence criterion of 0.05 eV Å−1. A plane wave energy cutoff of
520 eV and a gamma-centered 1× 1× 1 k-point grid was used.

B.1.4 Experimental methods and materials

Electrochemical measurements

The electrodes for coin cells were prepared by casting slurry of 60 wt.% Li4Ti5O12, 20 wt%
Super P carbon, and 20 wt.% polyvinylidene difluoride. These cathodes were assembled
into 2032-type coin cells in an Ar glovebox, with a metallic lithium foil (MTI Crop.) as
the counter electrode and glass microfiber (Whatman, GF/D) as the separator. Ionic liq-
uid (IL) containing 1.0 M lithium bis(trifluoromethanesulfonyl)imide (LiTFSI) in 1-butyl-1-
methylpyrrolidinium bis(trifluoromethylsulfonyl)imide was used as the electrolyte. Organic
liquid electrolyte with 1 M LiPF6 in a 1:1 volume ratio of dimethyl carbonate and ethylene
carbonate was also used for comparison. The electrochemical charge-discharge tests were
performed in galvanostatic mode between 1.0 and 2.5 V at different C-rates, using a battery
cycler (Arbin Instrument, BT-2400). The theoretical capacity of the lithium titanate (LTO)
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electrode was set to 175 mA h g−1 (i.e., the specific current corresponding to 1 C is 175 mA
g−1). Cyclic voltammetry (CV) curves of LTO electrodes were recorded at a scanning rate
of 0.1 mV s−1 between 1.0 and 2.5 V.

Transmission electron microscopy – electron energy-loss spectroscopy
characterization

Transmission electron microscopy (TEM) images, electron energy-loss spectroscopy (EELS)
data, high-angle annular dark-field (HAADF) images, and selected area electron diffraction
(SAED) patterns were obtained using a JEOL ARM 200F microscope equipped with two
spherical-aberration correctors, a cold-field-emission electron source, and a high-resolution
dual-EELS spectrometer. The energy resolution of the EELS spectra is about 0.5 eV (es-
timated by the full width of the half magnitude (FWHM) of the zero-loss peak). The coin
cells for the ex situ TEM measurements were disassembled in a glovebox, immediately after
completing the electrochemical tests. The electrodes were dispersed in dimethyl carbonate
and loaded onto a copper grid, and then sealed in an Ar glovebox bag for transferring into the
TEM column. All the EELS measurements were performed in diffraction mode. The electron
beam was spread to the greatest extent possible to minimize electron beam irradiation.

Operando TEM-EELS experiments

Operando EELS measurements were performed using an electrochemical cell designed for
operation in a TEM, using a similar configuration as a real battery system and consisting
of a TEM-grid-based electrode loaded with active materials (working electrode), a Li metal
plate (counter electrode), and added IL electrolyte to enable electrochemical functionality
analogous to a real battery system.

To prepare the working electrode, a dilute solution with LTO nanoparticles in isopropanol
alcohol was first sonicated for approximately 10 minutes and then dripped over an amorphous
carbon film supported on a TEM half grid. The carbon film fulfilled a similar role as the
carbon black used in general electrodes, acting as the media for transporting electrons and
ions. A thin layer of IL was applied to the carbon film as electrolyte. The Li metal plate
was directly connected to the IL. After assembling the cell, it was loaded onto a TEM
holder suitable for electrical biasing (Nanofactory), which was sealed in an Ar-filled bag and
transferred to the TEM column. A Biologic SP-200 potentiostat was used for the operando
measurements in galvanostatic mode, and with a low current option, precisely controlled
current (1–30 nA) was applied to the cell to trigger Li-ion migration between the TEM-grid-
based electrode and Li metal, similar to the process that occurs in a real battery system. To
estimate the cycling rates (C-rates), the electrochemical cells were galvanostatically cycled
under a wide range of currents. The global C-rates were estimated based on the applied
current and elapsed time for the full discharging/charging processes.

EELS spectra were acquired in TEM diffraction mode from local regions selected using an
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aperture with a diameter of 180 nm, allowing for fast data acquisition under the prerequisite
low-dose irradiation condition. By taking advantage of the small characteristic angle of Li K-
edge (∼0.1 mrad) a small collection angle was used (with a semi-angle ∼ 0.9 mrad) to lower
the plasmon plural scattering. Li K-edge EELS (Li-EELS) data were recorded at a rate of 0.1
s/spectrum, and Ti L-edge and O K-edge spectra were recorded at 2 s/spectrum. Hundreds
of Li-EELS spectra were recorded as the (de)lithiation progressed for real-time tracking of
the occupancy and migration of Li ions in the LTO nanoparticles. All EELS spectra were
deconvoluted to remove the multiple-scattering components. The area intensities IM and
IS were measured by Lorentzian fitting of pre-peaks M and S of numerous operando EELS
spectra.

B.2 Local reaction in LTO electrodes

Based on the operando EELS experiments with a spatial resolution limit of 180 nm (based
on the diameter of selected area aperture), the reaction in LTO is likely to differ from the
particle-by-particle behavior observed in LiFePO4 (LFP) [226]. When the particle-by-particle
reaction occurs in LFP, only a small number of particles carry most of the current and will be
(de)lithiated [226]. Therefore, the time to (dis)charge an individual particle is less than the
full electrode (dis)charging time [226]. In the case of LTO, the appearance of pre-peak M was
detected throughout the whole (dis)charging process in all the sampled regions, regardless
of the applied cycling rate (Figure 3.2E), indicating that in LTO the lithiation is mostly
homogeneous.

Furthermore, if we assume the particle-by-particle reaction occurs in LTO, lithiation
should occur in a sequential order in the selected regions, i.e. first in one particle, and
then in the second particle after completing lithiation in the first particle, and so forth.
Therefore, if the particle-by-particle reaction were to take place in local regions, pre-peak
M would appear during lithiation in the first particle and then reduce in peak intensity
when lithiation finishes in the first particle, appear again when the reaction occurs in the
second particle, and then disappear again when the reaction is completed in the second
particle, and so forth. However, no such intensity oscillation of pre-peak M is observed in
Figure 3.2E. Instead, the intensity of pre-peak M continuously increases at the beginning
of (dis)charge, remains almost constant in the middle of (dis)charge, and then decreases at
the end of (dis)charge (Figure 3.2E). Therefore, the absence of the peak intensity oscillation
does not support the particle-by-particle reaction in LTO. It is instead more likely that the
LTO system follows the occurrence of (de)lithiation, which may result from the very low
energy barrier for nucleation and growth of a new phase due to the negligible strain energy
and interfacial energy at the phase boundaries.
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B.3 Redox of Ti in LTO during charging/discharging

As illustrated in Figure B.1A, the Ti L-edge slightly shifted to a lower energy by approxi-
mately 0.5 eV after discharge because of the reduction of Ti to Ti3+ in LTO. The Ti L-edge
shifted back upon charge indicating oxidation of Ti to Ti4+. Correspondingly, the intensity
of the pre-peak at the O K-edge decreased in the spectrum of the discharged sample and
then increased in the spectra of the charged sample (Figure B.1B). All of these features
are related to the formation of Li7Ti5O12 after discharge [179], which transforms back into
Li4Ti5O12 after charge.

Figure B.1: Evolution of (A) Ti L-edge, and (B) O K-edge spectra for pristine (black line),
discharged (red line), and charged (blue line) states during galvanostatic cycling of the
nanoparticles shown in Fig. 3.2A. Four distinct peaks in Ti L23 (A) representing the eg and
t2g electron orbitals of the Ti L2 and L3 energy positions were clearly visible in pristine and
charged samples. The peaks became broader and peak separation of eg and t2g were less
pronounced in the discharged sample, indicating the decreased valence state in discharged
sample. The intensity of pre-peak 1 in (B) was reduced and became similar to that of pre-
peak 2 after discharge; however, it increased and became higher than that of pre-peak 2 after
charge.
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B.4 Li-K-edge EELS (Li-EELS) spectra from ex situ

measurements

Ex situ Li-EELS measurements were performed on pristine, half-discharged, and fully charged
electrodes, with the main results shown in Figure B.2 for comparison with the operando re-
sults (Figure 3.2C). A pre-peak S in Li-EELS spectra was observed in the pristine sample
as well as in the half- and fully discharged samples, arising from Li+ in 8a and 16c sites in
Li4Ti5O12 and Li7Ti5O12 phases as previously reported [179]. However, pre-peak M, which
was observed in operando EELS experiments (Figure 3.2C), was not detected in the half-
discharged sample, further confirming that pre-preak M originates from Li in the metastable
intermediates Li4+xTi5O12.

Figure B.2: Ex situ Li-EELS spectra obtained from the pristine (black), half-discharged
(red), and fully discharged electrodes (blue). Only pre-peak S was observed in the spectra
of the half- and fully discharged samples.

107



B.5 Rate dependence of pre-edge fine structure in

Li-EELS spectra

Li-EELS spectra were recorded from LTO nanoparticles during cycling at different rates. The
main results are presented in Figure B.3, showing the strong dependence of the intensity of
pre-peak M on cycling rate. Specifically, the intensity of pre-peak M is very weak at low
rates (i.e., 1C, 2C) and becomes significantly stronger at higher rates (3C, 8C). Quantitative
analysis of the intensity of pre-peak M relative to that of S was performed by extracting the
ratio of the integrated intensity of the two peaks (IM/IS). The evolution of IM/IS as a func-
tion of Li concentration (x) is shown in Figure 3.2E. At a low rate of 1C, the intensity ratio
IM/IS was ∼0.2 but increased abruptly with increasing rates to 2 and 2.4 at rates of 3C and
8C, respectively. Note that only pre-peak S was present at the end of discharge regardless
of rate because the Li7Ti5O12 phase was re-formed. As pre-peak M mainly originates from
the metastable configurations and increasing the cycling rates results in elevated overpoten-
tials, the formation of metastable configurations is strongly linked to the amplitude of the
overpotentials.
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Figure B.3: Intensity profiles and maps of Li-EELS spectra during the first cycle at a series
of current rates (A) 1C, (B) 3C, and (C) 8C, with the voltage profiles presented on the left
side of each intensity map. The positions of the pre-peaks are marked by black dashed lines.
The intensity ratios of pre-peak M to that of S as a function of Li concentration x during
discharge and charge, IM/IS, where IM and IS are the integrated intensities of pre-peaks M
and S, respectively, are presented in Fig. 3.2
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B.6 Pre-edge fine structure in Li-EELS by

computations

Figure B.4: Computed Li-EELS spectra of (A) Li4Ti5O12 and (B) Li7Ti5O12 using two differ-
ent methods, the Z+1 method (red) and Bethe-Salpeter equation (BSE) method (purple), in
comparison to experimental spectra (black). The good agreement between the experimental
and calculated spectra validates the use of the Z+1 method to predict Li-EELS spectra.

110



Figure B.5: Calculated Li-EELS spectra. (A) Spectra for pristine Li4Ti5O12 (blue) and
Li7Ti5O12 (red), in good agreement with the experiments (black), (B) Spectra from individual
Li ion at Li(16d) in Li4+xTi5O12 (x = 0, 1, 2, and 3), showing only pre-peak S in the pre-edge
region. The black and blue dashed lines mark the energy positions of the main peaks and
pre-peak S, respectively. Note that the changes of the computed EELS spectra of Li(16d)
in Li4+xTi5O12 (x = 0, 1, 2, and 3) are negligible in the energy ranges between the pre-
peak S and main peak. (C) Average spectra of Li(8a) in Li4Ti5O12, Li(16c) in Li7Ti5O12

and highly distorted Li(16c) in Li6Ti5O12. The black, blue and red dashed lines mark the
energy positions of the main peak, pre-peak S and pre-peak M, respectively. Only Li(8a) in
Li4Ti5O12 contributes to the pre-peak S, and it appears that a broader pre-peak S is present
in Li4Ti5O12 than that in Li7Ti5O12.
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Figure B.6: Computed Li-EELS spectra of individual Li(16c) and Li(8a) in the most stable
Li5Ti5O12 and a metastable Li5Ti5O12 configuration. The IM/IS ratios of Li(16c) in the most
stable Li5Ti5O12 and the metastable Li5Ti5O12 are 0.30 and 1.48, respectively, while the
IM/IS ratios of Li(8a) are 0 and 1.15, respectively.
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Figure B.7: Projected DOS on a 2p orbital of face-sharing Li(16c) (black), a neighboring
oxygen with a long Li-O bond (red), and a neighboring oxygen with a short Li-O bond
(blue). Note that the oxygen with a long Li-O bond has more overlap with Li(16c)-2p orbital
within 2 eV of the Fermi level, especially the peak at 1.78 eV indicated by the arrow. In
contrast, at higher energies (> 2 eV above the Fermi level), contributions from O show a weak
dependence on the bond length. This is in line with the different spatial charge distribution
with energy range, as shown in Fig. 3.4C. The projected DOS and spatial charge distribution
demonstrate that the electronic origin of pre-peak M is the splitting of Li-O anti-bonding
states associated with the local distortion of face-sharing Li polyhedra.

The small peak at around 57 eV in the computed Li-EELS is mainly from Li(8a) and its
intensity varies from 0.02 and 0.09 (Figure 3.4A and Figure B.8B) which is smaller than the
intensities of pre-peak S (∼0.14-0.31) at 59 eV in Li4Ti5O12 and Li7Ti5O12 and pre-peak M
(∼0.12-0.24) at 58 eV in the most stable Li5Ti5O12 and Li6Ti5O12 configurations (Figure
3.4B) and less stable intermediate Li6Ti5O12 configuration (Figure B.8A). Previous work on
Li-EELS calculations of Li(8a) in Li4Ti5O12 also reported a small peak below 57 eV,[179] in
agreement with our results using DFT/Z+1 and BSE/OCEAN. Although both calculations
in our study predict the same peak positions of pre-peak S and the peak below 57 eV, it is
likely that the BSE calculation predicts more accurate relative peak intensity because it has
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Figure B.8: Full computed Li-EELS spectra of individual Li ion at Li(16c) and Li(8a) for
various Li5Ti5O12 and Li6Ti5O12 intermediates. The black and blue dashed lines mark the
energy positions of the main peaks and pre-peak S, respectively. The yellow shaded boxes
highlight the newly appearing pre-peak M with different intensities and energy positions,
which was not observed in Li4Ti5O12 and Li7Ti5O12.

a more accurate description of the core-hole effects in the many-body perturbation theory
framework. In fact, the intensity of the peak at 57 eV is 20% that of pre-peak S at 59 eV
in BSE, while that ratio increases to 40% in Z+1 calculation (Figure B.4). Therefore, the
peak intensity of the peak below 57 eV will be very small compared to the other pre-peaks,
rendering it difficult to distinguish from background noise in experiments. In fact, we can
observe a small peak at around 56 eV with a background range of ∼55-57 eV (Figure B.9A)
with a relative intensity that is 20% of peak S at 59 eV, which agrees with the BSE/OCEAN
calculation. However, this peak disappears when we use a background range of ∼56-57.5 eV
(Figure B.9B). This indicates that the peak signals below 57 eV vary with the energy range
selected for background subtraction.
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Figure B.9: Li-EELS spectra from pristine Li4Ti5O12, with background subtraction from
different ranges (shown by the red rectangles), (A) ∼55-57 eV and (B) ∼56-57.5 eV. The
spectra after background subtraction were shown in green.
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We have further examined the electronic origin of the peak at 57 eV in the Z+1 method,
and the corresponding charge density iso-surface of this peak in Li(8a) in Li4Ti5O12 is shown
in Figure B.10. From the charge density plot, the charge density around Li(8a) within the
energy range of ∼56.0-57.8 eV (left) is negligible compared to that within the energy of
∼57.8-60.6 eV corresponding to pre-peak S (right). Note that the charge density located on
Li(8a) from the small pre-peak within ∼56.0-57.8 eV in Li4Ti5O12 is negligible compared to
that from pre-peak M and S on Li(16c) in Li5Ti5O12 (Figure 3.4C). Therefore, peaks M and
S are important spectral features that are sensitive to the chemical environment of Li, but
the peak at around 57 eV is not.

Figure B.10: Isosurface of partial charge density around Li(8a) in Li4Ti5O12 within the energy
range of ∼56.0-57.8 eV (left) and ∼57.8-60.6 eV (right) with an isovalue of 0.015.
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B.7 Li polyhedra distortions in low-energy

intermediate states

Figure B.11: Local face-sharing configurations in LTO intermediates Various con-
figurations of face-sharing Li(16c) and Li(8a) in Li5Ti5O12, with different levels of distortion
(A-F). The black arrows indicate shifting of a Li atom from the center of Li(16c). The face-
sharing Li(16c) polyhedra become highly distorted at a wide range of levels, as indicated by
the distortion index below each configuration.

The distances between face-sharing Li(8a) and Li(16c) in the lowest-energy states of Li5Ti5O12

(2.445 Å) and Li6Ti5O12 (2.418 Å) were much longer than those in normal spinel Li1+xTi2O4

(1.807 Å). However, they were still much shorter than the distances between nearest-neighbor
Li ions within Li4Ti5O12 (3.475 Å) and Li7Ti5O12 (2.884 Å). The nearest neighbor proximity
of two Li-ions (as close as 2.445 Å) resulted in a distortion that pushed the Li(8a) and Li(16c)
off-center in their polyhedra (Figure B.11). In the lowest-energy Li5Ti5O12 and Li6Ti5O12

configurations, the face-sharing Li(8a) and Li(16c) polyhedra have neighboring Li(16d) octahe-
dra. Because the Li(16d) octahedra are larger than the Ti(16d) octahedra, Li ions in Li(8a) and
Li(16c) polyhedra with neighboring Li(16d) octahedron have more space to accommodate the
repulsion between face-sharing Li ions than those without Li(16d) neighbors.
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B.8 Correlation between the pre-peak M and

distortion in Li polyhedra

Figure B.12: Intensity of pre-peak M as a function of the distortion index of Li(8a) for various
metastable configurations in Li5Ti5O12 and Li6Ti5O12. The intensity rapidly increased with
increasing distortion index.

Face-sharing Li(16c) and Li(8a) in some of the higher-energy (less stable) Li5Ti5O12 and
Li6Ti5O12 resulted in different peak intensities and energy positions of pre-peak M (Figures
B.8 and B.12). Therefore, the experimentally observed pre-peak M should be sums of the M
pre-peaks that appear at different energies. Some of the face-sharing Li(16c) and Li(8a) spectra
did not have a peak at approximately 58 eV, whereas others had larger M pre-peaks than
those from the lowest-energy Li5Ti5O12 and Li6Ti5O12 intermediates. In addition, pre-peak
M was located at a slightly higher energy (∼58.4 eV at 8C) than at 1C, 2C, and 3C (∼58
eV) (Figure B.3). This difference may originate from the less stable Li4+xTi5O12 structures
becoming dominant under the high overpotential at 8C, which can generate spectra with
pre-peak M at higher energies, similar to the red spectrum with a shoulder peak at ∼58.4
eV in Figure B.8A.

As the presence of pre-peaks in EELS spectra is generally attributed to the local structural
distortion of polyhedra [227], the intensity and energy positions of pre-peak M should be
related to the distortion of Li(16c) and Li(8a) polyhedra. Therefore, we investigated the relation
between their distortion index (d) values and intensities. The d values for Li polyhedra were
determined using the following equation:
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Figure B.13: Effective coordination numbers of (A) Li(16c) and (B) Li(8a) as a function of their
distortion indices. The effective Li coordination number is reduced while local distortion in
Li polyhedra is increased.

d =
1

n

n∑
i=1

|li − lav|
lav

(B.1)

where li is the distance from the central Li atom to the ith O atom. lav is the average
bond length, and n is the number of bonded O atoms.

The highly distorted Li(16c) (d = 0.106) of the most stable Li5Ti5O12 has three short
Li–O bonds (< 2.00 Å) and three long Li–O bonds (> 2.34 Å) because of the repulsion with
face-sharing Li(8a) and thus effectively exhibits a lower coordination than Li(16c) octahedra
in Li7Ti5O12. The effective coordination numbers (ECoNs) of Li(16c) were determined by
summing the coordination numbers of all the surrounding O atoms using a weighting scheme
[183]. ECoN of Li polyhedra linearly decreased with increasing d (Figure B.13). Because the
elongated Li-O bond of Li polyhedra with low ECoN induces splitting of the anti-bonding
Li-O state (Figure 3.4C and Figure B.7), Li polyhedra with high d (low ECoN) will result
in the appearance of pre-peak M in Li-EELS. For example, in the most stable Li5Ti5O12

configuration, a Li(16c) with d = 0.106 has an ECoN of 3.63 and results in the appearance
of pre-peak M in Li-EELS, whereas a Li(16c) with d = 0.057 in the second-lowest-energy
Li5Ti5O12 configuration has ECoN of 5.15 and no pre-peak M is seen in the Li-EELS, even
though this Li(16c) shares a face with a Li(8a). Moreover, the intensity of pre-peak M tends
to increase with d of Li polyhedra, as shown in Figure 3.4D and Figure B.12.
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This approach thus provides a strategy to estimate the intensity of pre-peak M based on
the d of Li polyhedra in a large number of Li5Ti5O12 and Li6Ti5O12 configurations without
the need for EELS calculations. Note that Li polyhedra can be distorted even when not
face-sharing with a neighbor Li in the intermediate Li4+xTi5O12 compositions. However, the
distortion index of non-face-sharing Li polyhedra are typically much smaller than those with
face-sharing Li, as shown in Figure 3.4E, B.14, and B.15. As most of the distortion indices
of non-face-sharing Li below 100 meV/O4 are less than the approximate value of d above
which pre-peak M appears (0.06), the contribution of Li polyhedra without face-sharing Li
on the intensity of pre-peak M is generally much less than that of face-sharing Li polyhedra.
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Figure B.14: Distortion indices of (A) Li(16c) in Li6Ti5O12, (B) Li(8a) in Li5Ti5O12, and (C)
Li(8a) in Li6Ti5O12. The horizontal and vertical dashed lines indicate the approximate value
of d above which pre-peak M appears and the formation energy of the nth stable configuration
at 50, 100, and 150 meV/O4. When a single configuration contains multiple face-sharing
Li(16c), the different face-sharing Li(16c) are labeled as different colored points according to
their d values in the ascending order: grey (first lowest distortion index), black (second), red
(third), and blue (fourth).
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Figure B.15: Distortion indices of Li polyhedra which are not face-sharing with neighbor
Li. (A) Li(16c) in Li5Ti5O12, (B) Li(16c) in Li6Ti5O12, (c) Li(8a) in Li5Ti5O12, and (D) Li(8a)
in Li6Ti5O12. The horizontal and vertical dashed lines indicate the approximate value of d
above which pre-peak M appears and the formation energy of the nth stable configuration
at 50, 100, and 150 meV/O4.
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B.9 Detailed migration paths of Li4+δTi5O12 and

Li7−δTi5O12

Figure B.16: Nudged-elastic band (NEB) calculations of Li migration in the Li4+δTi5O12

structure. (A) Energy profile of the pathways as a plot of energy vs. reaction coordinate.
(B–H) Sub-step pathways of Li migration corresponding to the energy profile in (A). The
translucent green spots mark the initial Li sites during every sub-step of migration. The
migration direction of each sub-step is labeled by black arrows. The three-coordinated
oxygen face between a Li(8a) tetrahedron and a Li(16c) octahedron is colored purple.
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Figure B.17: Nudged-elastic band (NEB) calculations of Li migration in the Li7−δTi5O12

structure. (A) Energy profile of the pathways as a plot of energy vs. reaction coordinate.
(B–D) Sub-step pathways of Li migration corresponding to the energy profile in (A). The
translucent green spots mark the initial Li sites during each sub-step of migration. The
migration direction of each sub-step is labeled by black arrows. The three-coordinated
oxygen face between a Li(8a) tetrahedron and a Li(16c) octahedron is colored purple.
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B.10 Experimental characterization of IL-based cell

and LTO electrode

Figure B.18: Thickness of IL layer estimated from low-loss EELS spectra. (A) Typical TEM
image of the ionic liquid covered on the carbon film, shown by the mass-thickness contrast
inside the holes. (B) TEM image of a blank carbon film. No contrast was observed inside
the holes. (C) Low-loss EELS spectra obtained from the regions shown in (A) in black color
and (B) in red, respectively. Based on the intensities of the plasmon peaks two curves, the
thicknesses of (A) and (B) were estimated to be 21 and 28 nm, respectively, indicating that
the average thickness of the IL layer is approximately 7 nm.
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Figure B.19: Electrochemical tests of the functionality of the in situ electrochemical cells
in comparison to that of normal coin cells. (A, B) Voltage profiles at different rates (from
0.15C to 0.25C) and CV curve (at a scan rate of 0.1 mV/s) of LTO nanoparticles cycled
in the in situ electrochemical cell. (C) Capacity–voltage profiles of the LTO electrodes in
IL-based coin cells cycled at different rates (from 0.5C to 2C). (D) Capacity–voltage profiles
of LTO electrodes in IL (black curve) and organic liquid (blue curve) cycled at 0.1C.
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Figure B.20: Structural analysis of the LTO nanoparticles in IL electrolyte. (A) Bright-
field TEM image showing the LTO nanoparticles (purple) immersed in a thin layer of IL
electrolyte (light brown). Scale bar: 200 nm. (B) High-angle annual dark-field image of
LTO viewed along the [1-10] direction, showing the atomic arrangements Ti. Scale bar: 0.5
nm. (C) Schematic illustration of the atomic arrangement of the unit structure enclosed by
the rectangular box in B. (D, E) Electron diffraction patterns of Li4Ti5O12 and Li7Ti5O12

nanoparticles, respectively, both being along the [1-10] direction. No structural difference
between Li4Ti5O12 and Li7Ti5O12 was detected by these diffraction patterns because of the
negligible change in the lattice parameter (only ∼0.005 Å) before and after lithiation.
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Figure B.21: Bright-field TEM images of LTO nanoparticles selected for operando Li-EELS
measurements. (A) after one cycle at 2C, (B - D) before and after one cycle at 8C, 3C, 1C.
Scale bars: 100 nm. The black dashed circles mark the region selected for obtaining Li-EELS
spectra.
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Figure B.22: Positions of pre-peak S in Li4Ti5O12 and Li7Ti5O12 from Li-EELS, at 58.84 ±
0.03 eV and 58.80 ± 0.08 eV respectively. Both spectra were fitted using Gaussian functions.
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Appendix C

Supplemental information on
disordering of spinel LiMn2O4

We provide the simplified voltage curve of LiMn2O4 using Li pseudopotentials including
more electrons and with varying DFT functional and application of the Hubbard U cor-
rection. More details regarding the effects of oxygen oxidation on the simulated voltage
curves of LiMn2O4 at each level of disorder, the dependence of the CE-evaluated energies
of the disordered spinel on tetrahedral Li occupancy, and the transition metal occupancies
in stoichiometric LiMn2O4 at increasing temperature are also provided. Finally, we describe
further the method by which the solid-solution configurations of the ordered LiMn2O4 across
the two-phase LiMn2O4-Li2Mn2O4 reaction are sampled.
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C.1 Pseudopotential and Hubbard U effects on

simple spinel voltage curve

SCAN + Li
SCAN + Li_sv

Figure C.1: Estimated voltage curves based on average voltages between known ground
state Li orderings in LixMn2O4 spinel, calculated using DFT using the SCAN meta-GGA
functional with the Li pseudopotential (blue) and the Li sv pseudopotential (orange), using
the Li sv for bcc Li.
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GGA
GGA+U

SCAN+U
SCAN

Figure C.2: Estimated voltage curves based on average voltages between known ground state
Li orderings in LixMn2O4 spinel, calculated using DFT with GGA (blue), GGA with the
Hubbard U correction (GGA+U, orange), SCAN meta-GGA functional (green), and SCAN
with Hubbard U correction (SCAN+U, red).
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C.2 Effects of oxygen oxidation on disordered

LiMn2O4 voltage curves

d = 0.0 d = 0.05

d = 0.2 d = 0.2

d = 0.4 d = 0.5

d = 0.3

Figure C.3: Comparison between sgc-MC-simulated voltage curves, which do not explicitly
include oxygen oxidation, and average voltages based on DFT-SCAN calculations of struc-
tures sampled at low xLi for LiMn2O4 with varying levels of disorder, excluding d = 0.1,
which is shown in Chapter 4.
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C.3 Dependence of disordered spinel energy on

tetrahedral Li occupancy
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Figure C.4: Cluster expansion energy above the ordered spinel LiMn2O4 of disordered
LiMn2O4 configurations as a function of the fraction of tetrahedral Li in the configuration.
Points are colored by the amount of disorder applied to the spinel to create the configuration.
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C.4 TM occupancies of stoichiometric LiMn2O4 with

temperature

Simulation temperature (K)

TM
 o

cc
up

an
cy

 (p
er

 O
2)

LiMn2O4

16d

16c

Figure C.5: Sampled concentrations of TM-occupied 16d (teal) and 16c (red) sites during
canonical MC heating of spinel LiMn2O4 when allowing Mn swaps among octahedral sites
and Li rearrangement over tetrahedral and octahedral sites (i.e., suppressing inversion).
The dashed line indicates the first temperature at which the average 16c occupancy exceeds
⟨xTM

16c ⟩ = 0.2 per O2.
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C.5 Sampling of solid-solution configurations in

ordered (d = 0.0) system

Strong two-phase behavior is observed in the ordered (d = 0.0) system between spinel
LiMn2O4 spinel and lithiated spinel Li2Mn2O4. To estimate the energies of the solid-solution
configurations above the two-phase tie-line, we calculate the cluster expansion energies of
possible solid-solution configurations under a number of constraints. These constraints are:

1. Full octahedral Li occupancy

2. Full tetrahedral Li occupancy

3. Octahedral Li insertion into spinel LiMn2O4

4. Tetrahedral and octahedral Li occupation based on the ideal ∆xtet
Li : ∆xoct

Li ratio of -1:2,
which transforms (Li0.5)

tetMnO2 to (Li)octMnO2. The resulting structures are of the
composition (Li0.5−x)

tet(Li2x)
octMnO2, where 0 ≤ x ≤ 0.5.

We construct 200 random structures adhering to each of these constraints at 5 equally
space xLi in LixMnO2 between Li0.5MnO4 and LiMnO2. To maintain charge neutrality, an
equal number of Mn are reduced from charge state of 4+ to 3+ as the number of Li. After
evaluating all sampled structures using the CE, the competing solid-solution pathway is then
taken to be the set of lowest-energy configurations at each xLi. The formation energies of all
of the sampled solid-solution configurations, plotted with the sgc MC-simulated formation
energies for the ordered d = 0.0 and the disordered d = 0.1 systems, is shown in Figure C.6.
Structures constructed to have only oct Li occupancy, only tet Li occupancy, modeling oct
Li insertion into spinel, and both tet and oct occupancy where (Li0.5−x)

tet(Li2x)
octMnO2 are

plotted as light blue, orange, green, and purple crosses.
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Figure C.6: CE-evaluated formation energies of possible solid-solution configurations in the d
= 0.0 ordered spinel system. Solid-solution configurations are constructed as described above.
Also plotted for comparison are the averaged formation energies of sampled configurations
from sgc MC for the d = 0.0 ordered spinel (dark blue) and the d = 0.1 disordered spinel
(maroon).
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