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Abstract

Growth Studies of CIGSe and CZTS Thin Films Fabricated by
Pulsed Laser Deposition and Co-Electrodeposition Methods

by
Matthew Christian Beres
Doctor of Philosophy in Engineering - Mechanical Engineering

University of California, Berkeley

Professor Samuel S. Mao, Co-Chair

Professor Ralph Greif, Co-Chair

The reliable production of clean, inexpensive energy to meet the growing global demand
remains one of the most significant challenges to modern society. As high-technology, high
power-consumption machines and devices proliferate and as underserved populations around
the globe come “on the grid,” energy demand will significantly expand. Photovoltaic (PV)
technologies represent one of the most direct paths to harvesting solar energy, converting solar
energy directly into electricity with no moving parts, no pollution, and no greenhouse gas
emissions. These technologies often utilize materials that may not exist in sufficient abundance
to meet large-scale (TW) deployment demands. For instance, the highly successful Cu(In,Ga)Se,
material system has achieved module efficiencies up to 15% [1] but contains In and Se, which are
relatively scarce and expensive. Shafarman reports that the availability of In would limit total
installed capacity to 0.1TW [2], far below the 10 - 20 TW required to meet global energy
demand. Moreover, CIGSe devices typically involve processing with highly toxic H,Se gas [2].

Therefore, significant research has recently been devoted to discovering and developing
PV devices that use non-toxic, inexpensive, earth-abundant elements. Based on the success of
the Cu(In,Ga)Se, material system, the development of the electronically analogous Cu,ZnSnS,
material system represents a natural next step. CZTS replaces the scarce Group III (In/Ga)
elements with more abundant Group II (Zn) and Group IV (Sn) elements. Sulfur also replaces

Selenium, allowing less-toxic processing conditions. With a direct band gap of 1.5eV and high



optical absorption > 10*cm™, CZTS represents an ideal absorber layer for conventional single-
junction solar cells [3]. Further, it is hoped that CZTS, which shares similar crystal structure and
electronic attributes with CIGSe, may also share a similar resilience in its opto-electronic
properties to grain boundaries and to stoichiometric deviations that has afforded CIGSe devices

much success [2].

Devices with moderately high efficiencies of 12.6% have been fabricated using Se-alloyed
CZTSeS absorber layers [4]. In general, however, the fabrication of high-quality CZTSeS
absorber layers has been extremely challenging, due to the narrow phase formation region for
CZTSeS [3, 5], elemental and compound volatility [3, 6-8], and phase decomposition at the
surface and back contacts [9, 10]. Despite the moderately high device efficiencies achieved, all
aspects of CZTS device design merit continued investigation. Scalable and reliable fabrication
methods that are capable of producing phase-pure, void-free CZTSeS absorber layers have yet to
be demonstrated. Such advancements will require better understanding of the crystal formation
processes and defect behavior of CZTSeS. The work in this dissertation aims to improve
understanding of the growth processes of CZTS thin films and to provide a pathway to
fabrication of high-quality absorber layers for use in photovoltaic devices. Reliable growth of
high-quality CZTS thin films will enable investigation of the fundamental properties of CZTS, as

well as device and interface behavior, necessary to improve device efficiency.

This dissertation investigated the growth behavior of CIGSe and CZTS thin films
developed for use as photovoltaic absorber layers. The CIGSe thin films were fabricated by
pulsed laser deposition, and the CZTS thin films were fabricated by pulsed laser deposition and
co-electrodeposition methods. The effects of deposition and annealing parameters on the film
properties were systematically investigated, critical growth parameters identified, and optimized
fabrication conditions recommended. In pulsed laser deposited CIGSe thin films, annealing in
sulfur background significantly improved the electronic quality of the films, reducing carrier
concentrations and increasing Hall mobilities. In pulsed laser deposition of CZTS thin films,
proper adjustment of the laser fluence and sputtering target composition enabled films with the
desired stoichiometries to be deposited at room temperature. A two-step temperature profile
involving a long dwell at low temperature and short dwell at the crystal formation temperature
yielded the most-stable films with the optimum structural properties. Proposed growth

mechanisms and optimized fabrication processes are presented.

To study the deposition mechanisms active in the co-electrodeposition of S-containing
CZTS precursors, cyclic voltammagrams were compared with varying potential depositions.

Reduction mechanisms and peak assignments are proposed. Films deposited using a fabrication
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process from literature demonstrated rough, powdery morphologies with Zn-poor, Sn-rich
compositions. The morphology was attributed to diffusion-limited growth mechanisms with
significant hydrogen co-deposition. However, removing tartaric acid from the deposition bath
dramatically reduced the roughness and increased the uniformity of the films. To further
improve film composition and morphology, bath component concentrations were systematically
modified to yield Cu-poor, Zn-rich films. Optimum bath compositions were successfully
identified, although a delayed onset of damaging hydrogen evolution reaction was observed
during growth. Stopping the deposition before its onset limited the damage caused by this
reaction, but films were limited to small thicknesses. Stirring, increasing bath concentration, and
galvanostatic control were investigated as possible methods to increase the film thickness before
the onset of this reaction. Optimized co-electrodeposition processes were identified, with
linearly-swept potential and pulsed stirring methods representing the most promising processes.
Similar to the pulsed laser deposited CZTS films, a two-step temperature profile yielded the

most-stable films with the optimum structural properties.

Finally, co-electrodeposition of metallic CZT precursors was investigated. The as-
deposited films were highly compact, uniform and free of damage, and the metal ratios in the
film could be directly controlled by modifying the metal sulfate concentration ratios in the bath.
Varying bath concentrations were investigated, in order to determine the effect on film thickness
and composition. Optimized co-electrodeposition processes were identified. After sulfurization,
films demonstrated ideal compositions and structures but also significant phase segregation, with
the film laterally divided into regions of large-grained CZTS and small-grained ZnS phases.
Annealing in Argon at low temperature prior to sulfurization significantly improved the film
homogeneity, although a non-negligible density of pinholes remained. It is unclear if the lack of
S-content in the precursors, the loss of sulfur overpressure, or both, contributed to the formation

of voids and pinholes.

The work in this dissertation provides a comprehensive foundation on which to further
improve the deposition of co-electrodeposited S-containing and metallic precursors. The growth
of high-quality CZTS precursors was demonstrated and a pathway to additional optimization
recommended. With minor adjustments in the electrodeposition process, and improved
monitoring and control of the sulfur overpressure, it is believed that very high-quality CZTS
films can be reliably fabricated using a two-step co-electrodeposition and sulfurization process.
Notably, the co-electrodeposition method represents a simple fabrication method that utilizes

low-toxicity components, complies with existing plating technologies, and provides high



throughput. The demonstration of such a process would represent a significant step forward in

the development of the earth-abundant, low-toxicity CZTS material system.
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1 INTRODUCTION

1.1 MOTIVATION

The reliable production of clean, inexpensive energy to meet the growing global demand
remains one of the most significant challenges to modern society. As high-technology, high
power-consumption machines and devices proliferate and as underserved populations around
the globe come “on the grid,” energy demand will significantly expand. The major energy sectors
include Buildings, Industrial, Transportation, and Electricity, with Electricity representing ~13%
of the total energy demand in 2010 [1]. Notably, the United States Energy Information
Administration (EIA) projects the global electricity demand to double over the next 20 years,
representing the fastest growing form of delivered energy [2]. More widespread adoption of
electric vehicle technologies may further intensify this electricity demand.

While recent revolutions in natural gas and oil appears to be leading the United States
toward energy independence, the production and use of fossil fuels carry environmental
consequences that have been shown to impact the local environment as well as global climate
change. Hydraulic fracturing or “fracking,” the revolutionary technique in natural gas
extraction, remains controversial, as it has been suggested that this technique may trigger
earthquakes and contaminate the local water table. Government, academic, and industry
institutions remain active in researching these connections [3, 4]. Further, the International
Panel on Climate Change (IPCC) has determined that the release of anthropogenic greenhouse
gases and other anthropogenic forcings “extremely likely” account for the majority of the
increased global average temperature of 0.6 — 0.7°C over the last 60 years [5].

The panel further assesses that anthropogenic influences, particularly greenhouse gases,
“likely” or “very likely” have contributed to: sea ice and glacial retreat, sea level rise, increased
ocean salinity, and shifting global precipitation patterns [5]. Climate change models forecast the
global average temperature using a range of forcings, representing best case and worse case
predictions. In general, the average temperature scales linearly with the cumulative CO,
concentration in the atmosphere [5], and stabilizing the global temperature requires halting
release of anthropogenic CO,. While the EIA projects the rate of CO, production in the United
States to gradually decline, it also projects the global rate of CO, production to increase by 46%
over the next 20 years [1, 6]. The goal of halting the release of greenhouse gases remains
daunting, as production rates are expected to increase significantly.

As part of a review workshop on solar energy, the United States Department of Energy
(DOE) released a report entitled “Basic Research Needs for Solar Energy Utilization” [7]. This
report notes a yearly-averaged power consumption rate of ~10 terrawatts (TW) in 2005 with
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expected growth to ~20TW by 2050 [7]. An inventory of various carbon-neutral energy sources,
and their theoretical capacities, are also provided: solar radiation (120,000 TW), geothermal
(12TW), wind (2-4 TW), tidal (2TW), and untapped hydroelectric (0.5TW) [7]. Nuclear energy
could meet the expected demand, but would require the construction of thousands of new power
plants [7], a prospect less likely in the wake of the Fukushima nuclear accident. As the most-
abundant renewable energy reservoir, solar energy represents the most likely path to meeting the
rising energy demand while also reducing carbon dioxide emissions. To realize the full potential
of solar energy, however, issues associated with intermittency, material cost, and scaling must be

overcome.

Photovoltaic (PV) technologies represent one of the most direct paths to harvesting solar
energy, converting solar energy directly into electricity with no moving parts, no pollution, and
no greenhouse gas emissions. Over the past 10 years PV has gained traction in the energy market
through the aid of government subsidies, renewable portfolio standards (RPS) adopted by many
states, economies of scale, and improved technology and manufacturing. However, PV costs
($0.13/kWh) remain comparatively high to conventional power plant technologies, such as coal
and nuclear ($0.07 - 0.08kWh) [8], and so market penetration remains low with PV providing
less than 1% of global electricity demand in 2010 [1].

As will be discussed in Section 1.2, photovoltaic technologies have evolved to improve
device efficiency and reduce cost by improving material quality, reducing material use, and
refining material fabrication techniques. Thin film PV technology was developed to meet these
goals, using less material and increasing manufacturing throughput. However, thin film PV
often utilizes materials that may not exist in sufficient abundance to meet large-scale (TW)
deployment demands. For instance, the highly successful Cu(In,Ga)Se; material system has
achieved module efficiencies up to 15% [9] but contains In and Se, which are relatively scarce and
expensive. Shafarman reports that the availability of In would limit total installed capacity to
0.1TW [10], far below the 10 - 20 TW required to meet global energy demand. Moreover,
Cu(In,Ga)Se, devices typically involve processing with highly toxic H,Se gas [10]. Therefore,
significant research has recently been devoted to discovering and developing PV devices that use
non-toxic, inexpensive, earth-abundant elements. Based on the success of the Cu(In,Ga)Se,
material system, the development of the Cu,ZnSnS, material system represents a natural next
step. CZTS represents an electronic analog to CIGSe, replacing the scarce Group III (In/Ga)
elements with more abundant Group II (Zn) and Group IV (Sn) elements. Sulfur also replaces
Selenium, allowing less-toxic processing conditions. This work focuses on the development of
CZTS materials for photovoltaic applications and seeks to address some of the challenges
identified in Section 1.3.
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1.2 EVOLUTION OF PHOTOVOLTAICS
The photovoltaic effect, responsible for the direct conversion of solar energy into

electricity, was first demonstrated by Edmund Bequerel in 1839 [11]. With the advent of Silicon-
based p-n junctions, the first modern photovoltaic devices were developed by Bell labs in the
1950s. The basic thin film photovoltaic device consists of a transparent front contact, a single p-
n junction, an optically absorbing semiconductor layer, and a reflecting back contact, shown
below in Fig. 1-1. Incident solar radiation excites electrons in the optically absorbing
semiconducting layer, creating an electron-hole pair. The p-n junction contains a built-in
electric field which helps to separate the electron and hole, driving the electron through an
external electric circuit where usable work can be extracted. Chapter 2 provides a more
sophisticated description of photovoltaic device operation.
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Fig. 1-1. Conceptual schematic of photovoltaic device

Photovoltaic technology evolution may be roughly divided into three generations: 1*
generation (G1) devices utilize bulk wafer technology involving single crystalline and multi-
crystalline materials, 2™ generation (G2) devices employ thin film technology involving
polycrystalline and amorphous materials, and 3™ generation (G3) devices employing materials
and devices that challenge the Shockley-Queisser limit of device efficiency [12]. G1 devices,
primarily based on Silicon semiconductor technology, have demonstrated high efficiencies and
constitute the majority of installed PV capacity. While Silicon is earth-abundant, G1 device costs
have been shown to be largely dominated by material costs associated with the thick wafers [12].
Subsequently, growth techniques that reduce the overall amount of material used were explored,
yielding conventional thin film fabrication techniques such as co-evaporation, sputtering, and
chemical vapor deposition among others. G2 devices adopted materials and architectures
suitable to these fabrication techniques, including the CdTe, Cu(In,Ga)Se; and amorphous

Silicon material systems.
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G1 and G2 devices conform to the single-junction device architecture, and their device
efficiencies are subsequently constrained by the Shockley-Queisser limit, which theoretically
approaches ~33% for a perfect crystallinity material and ~27% for polycrystalline thin films [9].
The Shockley-Queisser limit derives from a thermodynamic detailed balance approach using the
solar spectrum and an ideal semiconductor with a single junction and band gap. In this model,
the absorber perfectly absorbs the portion of the solar spectrum with energy larger than its band
gap and perfectly transmits (e.g. does not absorb) the portion with energy smaller than its band
gap. The portion of the spectrum not absorbed represents lost energy from the solar radiation.
The band gap also determines the voltage of the cell and influences the power output of the PV
device, so an optimum value exists: ~1.35eV for single-junction devices [9]. The electrons
excited by photons with energies higher than the absorber band gap contain excess energy (e.g.
energy above the conduction band); this model assumes that these electrons thermalize down to
the conduction band edge, giving up this excess energy to the crystal lattice [9]. Finally, some of
these electrons at the band edge recombine with holes in the valence band through radiative
recombination, a fundamental loss which cannot be avoided [9]. Otherwise, the model assumes
no reflection losses and no collection losses in the contacts [9].

G3 devices seek to further improve efficiency and reduce cost by exceeding the Shockley-
Queisser limit through a number of potential avenues. Tandem and triple-junction cells aim to
capture more of the incident sunlight by stacking absorber layers with varying band gaps that
span the solar spectrum [12]. Multiband cells also intend to increase the optical absorption of
incident sunlight but achieves this through the introduction of additional electronic bands in a
single absorber layer [12]. Hot carrier extraction techniques focus on the collection of excited
electrons before they thermalize to the band edge. Other efforts have focused on using the excess
electron energies to promote further electron-hole pair generation through impact ionization
[12]. Sophisticated nanofabrication techniques have been developed in recent years and may
help to facilitate these G3 concepts by enhancing light collection and supporting novel device
architectures.

1.3 CZTS STATE OF DEVELOPMENT

Recent thin film photovoltaic research has focused significant effort on the development
of non-toxic, earth abundant absorber layers, in particular the Cu,ZnSnS, (CZTS) material
system. With a direct band gap of 1.5eV and high optical absorption > 10*cm™, CZTS represents
an ideal absorber layer for conventional single-junction solar cells [13]. Further, it is hoped that
CZTS, which shares similar crystal structure and electronic attributes with Cu(In,Ga)Se,, may
also share a similar resilience in its opto-electronic properties to grain boundaries and to
stoichiometric deviations that has afforded CIGSe devices much success [10].
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Many investigations of CZTS have focused on fabrication by non-vacuum techniques, in
part to enhance commercial viability, but also to mitigate stoichiometry control issues associated
with the high vapor pressures of elemental Zn and SnS compounds [13-15]. As a true quaternary
alloy, CZTS phase formation is complex and difficult to control, with a large number of possible
binary and ternary phases formed during fabrication. The champion laboratory cell has achieved
an efficiency of 12.6% using a nano-ink spin coating system with hydrazine as the solvent [16].
The reported device properties are as follows: short-circuit current density (Jsc) of 35.2mA/cm?,
open-circuit voltage (Voc) of 513.4mV, and a fill factor (FF) of 69.8% [16]. The primary loss
mechanisms in the champion cell remain similar to those previously reported by Mitzi, including

interface recombination, series resistance, and short minority carrier lifetime [13, 16, 17].

The best performing devices, including the champion cells, have utilized CZTSSe
absorber layers with Cu-poor, Zn-rich and S/Se-alloyed stoichiometries, with atomic ratios of
Cu:[Zn+Sn] ~ 0.8 = 0.9, Zn:Sn ~ 1.1 - 1.2 and S:[S+Se] ~ 0.25 - 0.30, respectively [13]. The
performance improvement in Cu-poor, Zn-rich film stoichiometries has been attributed to the
minimization of deep-level Cuz, antisite defects and self-compensated defect pairs
[Cuzn+Znc,']% which have been identified as potential contributors to poor doping and charge
separation properties [18]. The optimization of device performance with lower S:[S+Se] ratios
has been possibly attributed to a shallower Cuz, defect level, a type-inversion at the P-N junction
[19], or to a reduction of a blocking back contact barrier [17]. However, Barkhouse points out
this detected blocking barrier may also be associated with the absorber-window layer interface or
with grain boundaries in the absorber [17].

The device architecture for CZTSSe system has been almost universally borrowed from
CIGSe and work remains to optimize the device layers. Indeed, all phases of research remain
active for CZTSSe, including understanding and improving film growth, characterizing
fundamental opto-electronic and defect properties of CZTSSe, and optimizing device
architecture.

1.4 PURPOSE OF THIS WORK

Pulsed laser deposition and electrodeposition were chosen as the fabrication processes for
CIGSe and CZTS absorber layers for several reasons, including our laboratory’s capabilities and
expertise in these methods. Pulsed laser deposition (PLD), particularly useful for multi-
component systems like CIGSe and CZTS, represents a laboratory-scale synthesis tool that
enables rapid evaluation of material combinations and layer interfaces. Moreover, the ability to
deposit on insulating substrates facilitates the study of optical absorption and Hall Effect that
cannot be performed for films deposited on conductive substrates, as needed for electrodeposited
films. Electrodeposition (ED) represents a more commercially viable synthesis tool that also
enables rapid thin film deposition. The scalability of electrodeposition has been demonstrated in
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large-scale industrial deployment of conventional metallic plating, and also in the semiconductor
industry through the use of copper damascene electroplating techniques [13].

Early work exposed significant difficulties in controlling CZTS thin film growth, using
both PLD and ED. Pulsed laser deposited films demonstrated significant deviations in
stoichiometry relative to the sputtering target (Sn-rich) during deposition and void formation
during subsequent sulfur annealing steps. Using a fabrication recipe from [20], electrodeposited
films exhibited severely rough, powdery morphologies, which appeared to deviate strongly from
the reported behavior. These fabrication challenges, and the gaps in relevant literature necessary
to address them, prompted the systematic investigation of the growth behavior of CZTS by PLD
and ED that forms the core of this work.

Throughout this dissertation, my goals have frequently evolved as my understanding of
the field grew, as equipment became available or unavailable, and as a new experimental results
were evaluated. The overarching goals of this work, however, included the following:

(1) Fabricate device-quality CIGSeS thin films for use as reference standards against which
the properties and behavior of CZTS thin films may be evaluated

(2) Characterize the growth behavior of pulsed laser deposited and electrodeposited CZTS
thin films by systematically investigating relevant deposition and annealing parameters

(3) Identify the critical parameters in film growth, including the effects of deposition and
annealing conditions and the precursor properties on the final CZTS film properties

(4) Demonstrate high-quality CIGSeS and CZTS absorber layers fabricated by PLD and ED

After many depositions and significant optimization effort, quality CZTS thin films were
demonstrated using both pulsed laser deposition and co-electrodeposition methods. This work
provides a greater understanding of the deposition parameters on the growth properties of CZTS
thin films, and I believe it represents a significant achievement of this dissertation.

1.5 THESIS STRUCTURE

After the introduction, this thesis contains three background chapters which discuss the
CIGSeS and CZTS material systems and devices (Chapter 2), the thin film fabrication methods
(Chapter 3), and the characterization methods (Chapter 4) employed in this work. The next four
chapters discuss the experimental work conducted for this dissertation, with each chapter
composed of three main divisions: review of relevant literature, presentation of results, and
discussion and interpretation of results. Chapter 5, the first experimental chapter, discusses the
effects of growth conditions of CIGSeS thin films deposited by pulsed laser deposition, and it
details the improvement of the electronic quality of the films with sulfur annealing and
stoichiometry control. Chapter 6 discusses the effects of growth conditions of CZTS thin films
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deposited by pulsed laser deposition, and it details the improvement of as-deposited films
through the optimization of the sputtering target stoichiometry and the effects of sulfur
annealing parameters. The effects of precursor composition and structure on the crystal
formation of CZTS are discussed. Chapter 7 discusses the effects of growth conditions of sulfur-
containing CZTS precursor films deposited by co-electrodeposition, and it details the critical role
of pH and the hydrogen evolution reaction on the composition and morphology evolution of
deposited films. Chapter 8 discusses the effects of growth conditions of metallic CZT precursor
films deposited by co-electrodeposition, and the optimized deposition conditions and sulfur
annealing parameters are presented. In the final chapter (Chapter 9), major conclusions are

summarized and future work is recommended.
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2 CHALCOGENIDE PHOTOVOLTAICS BACKGROUND

2.1 PHOTOVOLTAIC DEVICE BASICS

Photovoltaic devices convert sunlight directly into electricity. Semiconductor materials
provide this conversion by transferring energy from incident photons to electrons in the material,
and then driving these higher-energy electrons through a load (doing work in the process) before
they can relax back down to their initial rest state. The following sections briefly describe the
working principles of the photovoltaic device, including the properties of solar radiation, basic
principles of semiconductor and device operation, and also the particular properties of thin film
heterojunction photovoltaic device operation. For a more in-depth review, the reader is
encouraged to consult one of the many good textbooks on the subject [1-5].

2.1.1 Solar Radiation

The Sun emits light at wavelengths spanning the ultraviolet to infrared regions of the
electromagnetic spectrum [2]. The energy (wavelength) distribution approaches that of an ideal
blackbody at 5760K and may be described by Planck’s intensity relation for blackbodies [6]:

he? 1

) 2
i,(T) = 1 IR _q

(2-1)

where i is the spectral intensity or radiation in units of W/m?m-sr, h is Planck’s constant, c is the
speed of light, ks is Boltzmann’s constant, T is the temperature of the blackbody, and A is the
wavelength of light. The solid angle between the Earth and the Sun determines the portion of the
emitted light intercepted by the Earth, and the AMO (air mass 0) spectrum represents the real,
extraterrestrial intensity distribution incident on the Earth (e.g. outside Earth’s atmosphere) [2].
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Fig. 2-1. Spectral intensity of radiation for blackbody, AMO0, and AM1.5 - note: blackbody
intensity scaled by solid angle of interception between Earth and Sun, data from [7, 8]
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Sunlight gets absorbed as it passes through Earth’s atmosphere, with some wavelengths
highly filtered by strong H,O and CO, absorption bands [2]. The amount of absorption increases
with increasing path length, and the path length increases with increasing latitude. The standard
spectrum, AML.5, is taken at a latitude of 42° [2]. The standard blackbody, AMO, and AM1.5
spectra are shown in Fig. 2-1.

2.1.2 Fundamental Semiconductor Concepts

2.1.2.1 Introduction to Semiconducting Behavior
Semiconducting material properties result from the bonding and periodic arrangement of

atoms in a lattice. Bohr originally theorized that electrons in an isolated atom may only take
discrete, or quantized, energy levels governed by quantum mechanics [1]. Inner, lower energy
electrons, are tightly bound to the atom, and they are referred to as core electrons. Outer, more
weakly bound electrons are referred to as valence electrons. Valence electrons participate strongly
in chemical reactions, while core electrons do not [1]. As atoms are brought into close contact,
their valence electrons interact and modify their energy states. In periodically ordered crystalline
materials, the atomic interactions lead to the development of energy bands, or sets of closely
spaced allowed energy levels. Valence band (VB) refers to the lowest mostly occupied energy
band, and conduction band (CB) refers to the next highest mostly unoccupied energy band [1].
In cases where these bands do not overlap, the band gap refers to the band of energies not allowed
to be occupied. Semiconductors are defined as materials with band gaps between 0 — 4eV [9].

Semiconductor principles can often be described using the simplified two-band model,
consisting of a valence band and conduction band of single energy values, E, and E., as shown in
Fig. 2-2. While electrons are localized around single atoms, excited electrons in a crystal are de-
localized since the allowed electronic states (VB and CB) extend throughout the crystal [1]. That
is, when crystal bonds are broken and electrons are excited from the valence band into the
conduction band, which is empty or lightly populated, many electronic states are available allowing
them to move easily through the crystal. Simultaneously, vacancies or holes form in the VB,
mobilizing electrons in the VB [1]. The electron transport associated with these vacancies may be
conceptually simplified by considering not the coordinated movement of the electrons but instead
the movement of the hole. Thus, negatively charged electrons and positively charged holes
describe the electron behavior in the CB and VB, respectively [1].
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Fig. 2-2. Two energy band model
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Electrons and holes (charge carriers) can be generated by thermionic and optical
excitation. Doping refers to the introduction of carriers by thermionic emission (thermal
excitation), either through intrinsic or native defects, or extrinsic dopants. In this case, defects are
introduced into the crystal lattice, which possess either weakly bound electrons or holes [1]. These
defects may include vacancies, antisite substitutions by native atoms, or intentional substitutions
by foreign atoms. P-type, acceptor defects and dopants introduce holes into the material, and N-
type donors introduce electrons. The concentration of these defects, the activation energy
required to ionize the donors or acceptors, and the temperature of the semiconductor determine
the concentration of carriers introduced into the material [1, 10]. Well-behaved dopants easily
ionize (e.g. shallow) at room temperature and do not act as recombination centers for carriers.

2.1.2.2 Carrier Statistics

Carrier populations within a semiconducting material are governed by the distribution of
allowed electronic states and the filling statistics associated with these states. The energy
distribution of states, or density of states, corresponds to the electronic band structure of the
material, a property dependent on its crystal structure and atomic chemistry [2]. While the band
structure of a material can be quite complex, often the significant opto-electronic properties are
dominated by behavior near the band edges [1]. This simplification allows us to approximate the
valence and conduction bands as parabolas and to conceptualize the behavior using the two-band
model. A direct band gap describes the condition when the conduction band minimum and
valence band maximum occur at the same wavevector [2].

Electrons obey the Pauli exclusion principle and Fermi-Dirac statistics [4]. In
thermodynamic equilibrium, the occupation distribution of electrons in the allowed energy states
may then be described by the Fermi function f, which describes the probability that a given state
may be occupied (0< f <1) [1]. Using the parabolic approximation of the band edges,
relationships for the densities of states g. and g, may be formulated. By convolving and integrating
these densities of states with the Fermi function, the electron concentration n in the conduction
band and the hole concentration p in the valence band may be then directly calculated. Finally,
with some algebraic manipulation, the intrinsic carrier density n;, a constant property of the
material, may be written as follows [2]:

*k T 32 *k T 32
m -

where m,* is the electron effective mass, m,* is the hole effective mass, E, is the band gap, and 7 is
the modified Planck’s constant. This equation indicates an inverse relationship between electron
and hole concentrations. Under intrinsic, undoped conditions, an intrinsic potential E; may be
defined that is equal to the Fermi level of the pure semiconductor in equilibrium and lies close to
the center of the band gap [2]. A positioning of Er in the midgap indicates that the electron and
hole populations are equal [1].
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Extrinsically doped materials typically involve shallow dopants that are fully ionized
(e.g. electrically active) under standard room temperature conditions [1]. In this case, the carrier
concentrations are dominated by the dopant concentrations, such that n = Np or p = Ny for
electrons (donors) and holes (acceptors), respectively [1]. It can be shown that the Fermi level, Er,
shifts towards the conduction band as the concentration of electrons increases and that Er shifts
towards the valence band as the concentration of holes increases [1]. When the doping
concentrations are high enough, the Fermi level shifts into the conduction or valence band, a
condition known as degenerate doping. In this condition, the semiconductor behaves more like
a metal than a semiconductor [1].

2.1.2.3 Carrier Action
Carriers may be transported within the semiconductors by drift and diffusion, and they

may be created or destroyed through generation and recombination processes. Drift involves the
transport of charged particles (e.g. carriers) by electrostatic interactions with an applied electric
field [1]. Scattering events involving collisions, for instance with ionized impurity atoms (dopants)
and phonons, impede the drift motion, and a proportionality constant p can be introduced which
relates the drift current to the applied electric field [1]. Known as mobility p, this constant relates
proportionally to the mean free time between collisions and inversely proportionally to the
effective mass of the carrier [1]. The drift current densities of electrons and holes may be written
as Je=qu.ne and Ju=quupe, respectively, where q is the fundamental charge, p. is the electron
mobility, p, is the hole mobility, n is the electronic concentration, p is the hole concentration, and
¢ is the applied electric field [1]. Diffusion involves the transport of carriers through random
thermal motion that results in an overall migration of the particles when concentration gradients
are present [1]. Using Fick’s law, the 1-D diffusion current densities of electrons and holes may be
written as Je=qD.(dn/dz) and Jn=-qDi(dp/dz), respectively, where J. is the electron diffusion
current, J,, is the hole diffusion current, D. is the electron diffusion constant, and Dy, is the hole
diffusion constant [1].

Generation and recombination processes, which create or destroy carriers, represent the
forward and reverse actions of three primary electronic transitions: direct (band-to-band)
transitions, indirect (R-G center) transitions, and Auger transitions [1]. These processes may
operate in parallel [4], but frequently one recombination mechanism dominates the performance.
Radiative recombination represents an unavoidable mechanism and thus yields a limit in the
theoretical performance of operation (as mentioned in Chl discussion of the Shockley-Queisser
limit) [11]. In thin film systems in particular, materials typically contain sufficient densities of
R-G active defects, such that the devices are said to be trap-limited [2].

Direct, band-to-band transitions include photogeneration and radiative recombination.
Photogeneration, the active process in optical absorption, involves the interaction of an incident
photon (E > E;) with the crystal, exciting an electron from the valence band into the conduction
band and generating an electron-hole pair, as shown in Fig. 2-2. Electrons excited by photons with
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energies larger than the band gap will quickly “thermalize” down to the band edges through
vibrational interactions with the crystal lattice [1]. The photogeneration rate depends on the flux
of incident photons and the absorption coefficient of the material, as well as its reflectance [2].
There also exists a probability that electrons in the conduction will spontaneously relax to the
valence band, emitting a photon equivalent to the transition (band gap) energy, a process known
as radiative recombination and given by the following relation [4]:

Up=B(np—-n,p,) (2-3)

where Uy is the radiative recombination rate, B is a material-specific proportionality constant, n
and p are the electron and hole concentrations under arbitrary conditions, and ny and p, are the
electron and hole concentrations under thermodynamic equilibrium conditions. This indicates an
inherent restorative tendency, such that a carrier concentration product np > nop, will cause net
recombination and a concentration product np < nep, will cause net generation [4]. Direct gap
semiconductors typically have higher optical absorption coefficients and sharper absorption edges
than indirect gap semiconductors because phonon (quantized vibrational excitation) interactions
are not required to conserve momentum [1, 4]. Therefore direct gap transitions (photogeneration
and radiative recombination) are more probable than indirect gap transitions [1, 4].

Indirect, R-G center transitions involve electronic transitions between the valence and
conduction bands through intermediate trap states located within the band gap [1]. The
transitions may result in the destruction or generation of electron-hole pairs, as shown Fig. 2-3,
and involve either the transfer of thermal energy to or from the crystal to the electron [1]. As
opposed to shallow donors, midgap R-G centers significantly lower the barrier to transitions
between the bands and so represents a significant loss mechanism, as conduction band electrons
may be lost with increasing probability before being separated and shuttled to the external circuit
to do work [4]. The indirect, R-G center recombination process may be described by the Shockley-
Reed-Hall (SRH) theory [1]:

np —nyp,
U.= o

where Ur is the indirect recombination rate, n and p are the electron and hole concentrations under
arbitrary conditions, no and po are the electron and hole concentrations under thermodynamic
equilibrium, T and 1. are the average hole and electron lifetimes before relaxation, Er is the energy
of the R-G center (e.g. trap state), E; is the intrinsic potential, ks is Boltzmann’s constant, and T is
temperature.
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Fig. 2-3. Indirect (R-G center) transitions, adapted from [1]

Auger transitions involve the band-to-band transition by an electron, but instead of
emitting or absorbing a photon, the electron transfers this energy to another electron which then
gives this energy up to the crystal through thermalization to the band edge [1]. Since this transition
involves more than one electron, the carrier concentrations must be large in order to have a
significant probability of the event taking place. PV absorber layers typically target carrier
concentrations between 10'¢ and 10" cm™, a regime where Auger recombination and its converse,
impact ionization, are much less active [4].

2.1.3 Device Physics

2.1.3.1 P-N Junctions Under Equilibrium and Under Bias

Formed by contacting P- and N-type layers, the P-N junction enables efficient charge
carrier separation and acts as the heart of the photovoltaic device. As previously described and as
shown in Fig. 2-4(a), the Fermi level shifts toward the conduction band and valence band edges
for N-type and P-type semiconductors, respectively. In thermodynamic equilibrium, the Fermi
level must remain constant throughout the entire material, and so when the P- and N-type layers
are contacted, the difference in Fermi levels induces bending in the bands, as shown in Fig. 2-4(b)
[1]. This band bending produces a built-in electric field, which enables electrons and holes to be
separated and transported to the electrical load [1].

When the P- and N-type layers are contacted, concentration gradients between the hole-
rich P-layer and the electron-rich N-layer initiate carrier diffusion currents. Holes from the P-
layer diffuse into the N-layer, and electrons from the N-layer diffuse into the P-layer, leaving
behind ionized acceptors and donors, respectively [1]. Holes diffusing into the N-layer readily
recombine with majority electrons, and the electrons diffusing into the P-side readily recombine
with majority holes, creating a region void of charge carriers known as the depletion region or
space charge region (SCR) [1]. The stationary ionized donors and acceptors left behind create an
electric field, which induces electron and hole drift currents that oppose the diffusion currents [1].
The junction establishes a dynamic equilibrium, such that the drift currents and diffusion currents
balance out, leaving a zero net current within the device [1].
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Fig. 2-4. P-Type and N-Type semiconductor materials a) separated and b) in contact (thermodynamic equilibrium)

The P-N junction fundamentally consists of three sections: the Quasi-Neutral P-type
region, the Space Charge Region, and the Quasi-Neutral N-Type region [1]. The Quasi-Neutral
regions (QNRs) are so named because they contain zero net charge density and carry no electric
field [1]. The depletion or Space Charge Region contains net charge due to the stationary ionized
donor and acceptors, and so carries an electric field [1]. The carriers (and therefore the ionized
donors and acceptors) vary logarithmically between the QNRs and the depletion region, and
therefore the charge densities of the donors and acceptors are commonly modeled as step changes,
known as the depletion approximation [4].

Fig. 2-5 summarizes the effects of bias on the band bending, Fermi level, electric field, and
the associated drift and diffusion currents in the P-N junction. Larger arrows indicate larger
magnitude. Under equilibrium (V4 = 0), the Fermi level remains constant across the junction,
the barrier height to diffusion is qVy;, and the individual drift and diffusion currents balance for
both electrons and holes. Under applied bias, the Fermi level cannot be defined using a single
level, since the device is no longer in equilibrium [1]. In the QNRs, however, the majority carrier
concentrations are generally large such that deviations from equilibrium of the carrier populations,
and therefore also the associated Fermi levels, are small especially far from the junction [1]. Quasi-
Fermi levels, Erp and Egy, may then be defined in the QNRs, such that the applied bias V4 splits
the Fermi level into quasi-Fermi levels as follows [1]:

EF,, - EFN =—qV, (2-5)

Under forward-bias (V4 > 0), the Fermi level splits shifting Er» down relative to Egy, the
barrier height reduces by qV, and the diffusion currents significantly increase for both electrons
and holes as the barrier height decreases [1]. While the barrier height decreases linearly with the
applied bias, the (diffusing) carrier concentrations at the band edge that are able to overcome the
potential barrier increase exponentially with the applied bias [1]. The minority carrier populations
in the QNRs that contribute to the drift current (e.g. electrons in P-layer and holes in N-layer) do
not, however, change much [1]. Consequently, as indicated in Fig. 2-5(b), the diffusion currents
increase exponentially with applied bias, while the drift currents remain the same, giving rise to a
net current. This effectively injects minority carriers into the QNRs at the depletion region edges,
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creating concentration gradients which cause diffusion of the minority carriers through the QNRs
where they recombine with majority carriers supplied by the contacts [1].

a) Equilibrium (Zero Bias) b) Forward Bias (VA>0) c) Reverse Bias (Va<0)
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Fig. 2-5. P-N junctions under bias

Under reverse-bias (Va < 0), the Fermi level splits shifting Een down relative to Egp, the
barrier height increases by |qV|, and the diffusion current significantly decrease for both electrons
and holes as the barrier height decreases [1]. While the barrier height increases linearly with the
applied bias, the (diffusing) carrier concentrations at the band edge that are able to overcome the
potential barrier decrease exponentially with the applied bias [1]. Again, the minority carrier
populations in the QNRs that contribute to the drift current (e.g. electrons in P-layer and holes in
N-layer) do not change much [1]. Consequently, as indicated in Fig. 2-5(c), the diffusion currents
decrease exponentially with applied bias, while the drift currents remain the same, giving rise to
a net current in the opposite direction to that in forward bias. Unlike forward bias, however, the
supply of minority carriers to contribute to the drift current is eventually exhausted leading to
saturation of the current [1].

2.1.3.2 The Ideal Diode Equation
In typical thin film solar cell devices, the area of the device is large compared to the

thickness, and so the physical behavior of the system corresponds to quasi-1D conditions.
Classical electrostatics provides the link between electric field and potential (¢ = -dV/dz), and
Poisson’s equation provides the link between electric field and the charge density [1]:

de
Ll _T(pn+N,-N,) (2-6)
dz e €

where ¢ is the electric field, p is the charge density (assuming fully ionized donors and acceptors),
€ is the material permittivity, p is the hole concentration, n is the electron concentration, Np is the
density of ionized donors, and N, is the density of ionized acceptors.

Using the carrier transport, generation and recombination relationships previously
detailed, the equations of state (e.g. the continuity equations for electrons and holes), may be
written as Eqns. (2-7) and (2-8) where U and G are the rates of recombination and generation,
respectively. These differential continuity equations provide a record keeping of carriers being
transported through, created in, or destroyed in a given infinitesimal control volume at given point
in the material.
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li(q,ueng+qDe @) =U-G (2-7)
q dz dz

1d )

——(qﬂhpe —qD, —pj =-(U-G) (2-8)
q dz dz

The ideal diode equation represents the steady-state relationship between current and
voltage for a P-N junction diode. The derivation assumes quasi-1D behavior, no photogeneration,
dilute minority carrier populations in the QNRs, the depletion approximation, and no
recombination in the depletion region [1]. In the QNRs, the electric field is zero and carrier
transport proceeds by diffusion only. In the depletion region, the electric field is non-zero and,
under equilibrium conditions, the drift and diffusion currents cancel; under forward- and reverse-
bias, the diffusion currents across the junction increase and decrease, respectively, modifying the
drift-diffusion balance as shown in Fig. 2-5 and contributing to an overall current. It is noted that
the overall current (J = Jo + Ju) must remain constant across the diode under steady-state
conditions, although the individual contributions J. and J, may vary [1].

The general approach then involves solving the continuity equations within the P-type and
N-type QNRs and the depletion regions and then splicing solutions together at the boundaries.
The ideal diode equation may then be written as follows [1]:

J i V) = Ty (€T =1 (2-9)
2 2

J,=q &LJr&L (2-10)
Le NA Lh ND

where Jaa is the dark (diode) current density, ], is the saturation current density, V is the applied
bias, D. is the electron diffusion constant, Dy is the hole diffusion constant, L. is the electron
diffusion length, Ly is the hole diffusion length, N, is acceptor density, Np is the donor density, and
n; is the intrinsic electron density. The diffusion length represents the average distance a carrier
can travel before recombining [1].

2.1.3.3 P-N Junctions Under Illumination
In a highly-simplified model of P-N device operation under illumination, it is assumed that

the photogeneration rate G acts uniformly throughout the device. Then, the continuity equations
may be formulated as in the previous section but with constant generation terms in the QNR and
depletions regions. The current-voltage relationship then becomes [4]:

JWV)y=J, (" -1)-J, =J, V)-J, (2-11)

J,=qG(L,+W +L),) (2-12)
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where ] is the current density of the device, Ja.« is the diode current density with no illumination,
Ju is the light-generated current density, G is the photogeneration rate, and W is the depletion
region width.

The current-voltage equation (2-11) indicates that the junction behaves as though the dark
(diode) current and the light-generated current are simply superposed on top of each other [4].
This assumption may break down when the light-generated current exhibits a voltage-dependence,
not present in Eqn. (2-12), that can result due to depletion region-dependent collection, interface
recombination and photocurrent barriers [5]. While more complex photogeneration models of
the been developed as in [5], Eqn. (2-12) indicates that, under this simple model, all carriers
generated within the depletion region and within a diffusion length on both sides of the junction
are collected and contribute to the light-generated current [4].

2.1.3.4 Solar Cell Device Performance
The current density-voltage curves for a typical solar device (e.g. P-N junction device under

illumination) are shown in Fig. 2-6. Important parameters are identified on the curves, including
short-circuit current density (Jsc), open-circuit voltage (Voc), fill factor (FF), and the associated
current density and voltage at maximum performance (Jyp, Vyp).

Current Density, J a

/
.
Dark (Diode) Current _ - Vmp JVOC l/oltage,v

JL

Jvp Maximum

Power Point

Illuminated Current JSC

Fig. 2-6. Typical J-V Curve for Solar Cell Device

The power density delivered by the solar cell device equals the current density - voltage
product (J-V), and there exists a maximum power point corresponding to Jur and Vyp. The load
resistance determines the (J,V) during operation, and so the optimum load resistance corresponds
to Vae/Jme [2]. A load of infinite resistance prevents all current flow, and the voltage of the device
corresponds to the open-circuit voltage (Voc). At this point, the diode current and the light-
generated current exactly cancel [2]. A load of zero resistance provides the maximum current
density at zero voltage, ideally equivalent to the light-generated current density, known as the
short-circuit density (Jsc) [2]. The fill factor, Eqn. (2-13), represents the degree of “squareness”
of the curve, such that a higher fill factor (e.g. more square J-V curve) corresponds to a higher

2-10



maximum power JypVype [2]. Finally, the device efficiency, Eqn. (2-14), may be defined as the ratio
of maximum power density output to supplied power density from the Sun, Psun [2].

FF = SV (2-13)
JSCVOC
e (2-14)
BS‘UN

In actual operation, solar cell devices may experience many types of losses in potential
power output, such as optical losses, recombination losses, thermalization losses, and parasitic
resistance losses. Optical losses include reflection, shading and transmission losses [12]. Due to
the refractive index transition between air and the device, some light will be lost by reflectance at
the device surface, particularly at high angles of incidence [2]. Antireflection (AR) coatings can
mitigate this loss, but conventional coatings cannot completely eliminate it for all wavelengths or
angles of incidence [2]. Metal bus bars are typically used to help shuttle the current from the P-N
junction to the load, but these metals also block sunlight from the device [4]. Consequently, a
trade-off exists between the electrical conductivity provided by these bus bars and the shading
losses incurred by them [2]. Moreover, thin film devices frequently employ transparent
conducting oxide layers (TCOs) as electrically conductive contacts, but light can be absorbed in
these layers, which does not contribute to the light-generated current; for the most part, only light
absorbed in the absorber layer contributes to the photogenerated current [2]. Finally, absorber
layers that are not optically thick will not absorb all of the incident radiation, yielding transmission
losses [2, 12]. Further, all the light with energy less than the band gap cannot be absorbed and so
represents an inaccessible portion of the solar spectrum.

—
L
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v [
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Fig. 2-7. Equivalent circuit for solar cell device, in the style of [2, 4, 12]

Charge carrier recombination can reduce the photogenerated current and increase the
dark current, thereby reducing the power output of the device [5, 12]. Such losses may be severe,
depending on the location and extent of the recombination. Recombination of minority carriers
in the absorber layer can reduce the light-generated current, and recombination of carriers in the
depletion region can significantly reduce the Voc, as described in the following section, as well as
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the FF [5, 12]. For most polycrystalline thin film systems, minimizing recombination losses
represents the major challenge in achieving high performance devices.

Thermalization losses originate from the single-junction (single band gap) device
structure. Band gaps help prevent recombination of electron-hole pairs long enough for the
excited, conduction band electrons to be extracted and used to provide electrical work [2]. Within
a band, the electron may easily exchange energy with the crystal lattice and move rapidly through
the closely-spaced allowed energy levels [2]. This process, referred to as thermalization, progresses
much more quickly than the recombination processes, and electrons cannot be extracted quickly
enough to prevent it [2]. Subsequently, in single-junction, incident photons with energies greater
than the absorber band gap will generate photoelectrons with energies above the conduction band
edge (Ephoton-Eg) that thermalize down to the band edge. This thermalization represents a
fundamental loss mechanism associated with the Shockley-Queisser limit [4].

Parasitic resistance losses include series and shunt resistances within the PV device. Series
resistances to current flow may include internal electrical resistance within the absorber or window
layers or interfacial resistances at the front and back contacts [2]. Shunts, or parallel electrical
paths, may develop across the P-N junction as a result of pinholes or voids in the absorber layer.
If severe enough, these shunts may destroy the diode rectification action of the junction [2].
Conventional CIGSe devices employ an intrinsic ZnO layer between the buffer and window layer,
at the expense of additional series resistance, in order to prevent shunt formation [13]. These
parasitic series and shunt resistances may be modeled in an equivalent circuit, modeling the
photovoltaic device as shown in Fig. 2-7. Including the effects of series resistance Rs and shunt
resistances Rsu the current density — voltage relationship may be written as [2]:

V+JAR,

JV) =y (eSO 1)+ J, (2-15)

SH
where A is the active device area and ], is the light-generated current.

2.1.4 Thin Film Heterojunctions

The previous section implicitly derived the performance relations for homojunction
devices, in which the electron affinities and the band gaps across the P-type and N-type materials
remain the same, simplifying the band alignment picture. In heterojunctions, however, the
electron affinities and band gaps may vary significantly across the junction, giving rise to
discontinuities at the interface [2]. Fig. 2-8 shows the different types of band alignments possible
in heterojunctions [14].
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Fig. 2-8. Heterojunction band alignment types, adapted from [14]

2.1.4.1 Recombination Paths in Heterojunction Devices
The ideal diode equation assumes no recombination in the space charge region and no

recombination at the P-N junction interface, allowing only for recombination in the Quasi-Neutral
Region. However, thin film devices employ heterojunctions, which use different materials for the
absorber and window layers, and which frequently experience recombination in these regions due
to bulk and interfacial defects. Poor band alignments between the absorber and window layers can
exacerbate these recombination mechanisms. Fig. 2-9 shows the most critical recombination paths
in heterojunction devices [5]:

(A) Recombination in the QNR, with a recombination barrier height equal to the absorber band
8ap, Egabs

(B) Recombination in the Space Charge Region, with a recombination barrier height still equal
to Eg, abs

(C) Recombination at the absorber-window layer interface, with a modified recombination
barrier height due to band offset configuration. In the cliff band offset configuration
shown, the barrier height to recombination decreases, such that ¢p,inc < Egabs

y ——
cliff B %{ A Eg,abs
......... i e e e
Ep,int C¥ ’ Ev
ngin
' P-Absorber
\ 4

nt-Window

Fig. 2-9. Recombination paths in heterojunction devices, redrawn from [15]

Recombination within the space charge and interface regions introduces an additional
diode current, referred to as a recombination current, which sums superpositionally with the
nominal diode current [1]. In forward-bias, indirect (R-G) center recombination Jr ¢ takes a
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similar form to the nominal diode current Jas such that Jag o (Joar)-exp(qVa/ksT) and
Jrc & (Jorc):(qQVa/2ksT) [1]. Subsequently, the diode ideality factor A accounts for the relative
contribution of the each term, such that an ideal diode with negligible recombination current has
A~1 and a non-ideal diode dominated by the recombination current has A~2 [1]. The more
general diode equation can then be written as follows [5, 16]:

9_(y—RgJ) vV
JWV)=J,| e™" +—-J, (2-16)

SH

—s
Jy =J et (2-17)

where ], is the diode saturation current density, A is the diode ideality factor, Rs is the series
resistance, Rsy is the shunt resistance, J. is the light-generated current, Jo, is a reference current
density, and ¢s is the activation energy associated with the dominant recombination mechanism.
Joo represents a constant prefactor (e.g. only weakly dependent on temperature) that depends on
the active recombination mechanism [5]. See Table 2.2 in [5] for a collection of Jo terms for the
different recombination mechanisms. Using the general diode equation, the open-circuit voltage
may also be redefined as follows [16]:

Voo :%B—AkBTIn (ﬂJ (2-18)
L

where ¢ is the recombination barrier. As interface recombination starts to dominate the diode
current, the recombination barrier decreases, reducing the open-circuit voltage. Table 2-1
summarizes the relationships between the dominant recombination mechanisms and the diode
ideality factor, recombination barriers and Voc variation with band gap.

The shift to interface recombination, and the subsequent deficiency in Voc rise with
increasing bandgap (Eg/q-Voc), can be explained in terms of the band alignment at the interface.
A non-optimal cliff alignment can be seen in Fig. 2-9, while an optimal spike alignment can be
seen in Fig. 2-10. The spike alignment shifts the Fermi level at the absorber interface closer to the
conduction band, increasing the electron concentration and creating an inversion layer [11].
Photogenerated minority carriers in the P-type layer (electrons) that are transported across the
depletion region then transit the interface with a lower population of holes, decreasing the
probability of recombination and minimizing interface recombination [11]. This can be explained
using Eqn. (2-4), which shows that R-G recombination experiences a maximum when hole and
electron populations are equal, as would be the case with a Er near the midgap [4]. The spike
represents a barrier to the photogenerated electrons, but when kept small (0 < AEc < 400meV) the
electrons can readily tunnel through it without detrimental effect to the device operation [11].
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Table 2-1. The relationships between recombination mechanisms and device properties

Dominant Recombination Diode Ideality Recombination Voc dependence on
Mechanism Factor, A Barrier, ¢z (eV) band gap E,
QNR (A) ] B, Voc increases ~

linearly with E,

Voci ~
SCR (B) 1-2 E, .oc 1ncre§ses
linearly with E,

Voc may increase
I/F (C) 1-2 <E, with E,, depending on
band alignment

The best performing CIGSe devices have utilized Ga:[In+Ga] ratios of ~25%,
corresponding to a band gap of ~1.2eV [13]. For larger Ga concentrations, the Voc does not
increase linearly with E, representing again the so-called Voc-deficit [13]. With increasing
Ga:[In+Ga] above ~25%, the conduction band alignment shifts from AEc > 0 to AEc < 0, reducing
the inversion and increasing the interface recombination, thereby degrading the open-circuit
voltage, as described above [17, 18]. The introduction of Ga has also been shown to influence the
formation of characteristic deep-level (~300meV) defects in CIGSe. This defect level exhibits a
minimum density near Ga:[In+Ga] ~ 30%, and therefore may also play a role in the increased
recombination observed with increasing Ga-content [19].

Egwin P-Absorber

v
nt-Window

Fig. 2-10. Optimal ("spike") band alignment for heterojunction devices

Several manuscripts have reported theoretical or experimental band alignments for CIGSeS
and CZTSeS devices, with varying absorber layer alloys and buffer-window layers. Table 2-2 and
Table 2-3 summarize some of the reported conduction band alignments, where AEc < 0 denotes a
cliff and AEc > 0 denotes a spike. This list is not exhaustive and is meant only to provide an
introduction to the reported values.
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Table 2-2. Reported conduction band alignments for CIGSeS-Buffer interfaces

Layer Configuration AEc (eV) Method Reference
CISe / CdS 0.38 X-Ray Photoelectron
Spectroscopy
Ultraviolet
CISe / ZnS 1.26 Photoelectron
Spectroscopy [19]
CGSe / CdS -0.16 Not Identified
CIS / CdS -0.45 Not Identified

Table 2-3. Reported conduction band alignments for CZTSeS-Buffer interfaces

Layer Configuration AEc (eV) Method Reference
CZTS/ ZB-CdS 0.18-0.22
Density F i 1
CZTS/ W-CdS 0.28 ensity Functiona [20]
Theory
CZTS/ ZnS 1.29-1.36
X-Ray Ph it
CZTS / CdS -0.34 ay Photoclectron [21]
Spectroscopy
CZTS / CdS 0.41 Ultraviolet
Photoelectron
Spect ,
CZT(SousSe0s)s / CdS 0.48 PECLrOSCOPY: [22]
Photoluminescence,
and External Quantum
CZTSe / CdS 0.48 Efficiency
Ultraviolet and Inverse
CZTS / CdS -0.33 Photoelectron [23]

Spectroscopy

2.1.5 Design Guidelines for Heterojunction Devices

Scheer and Schock provide a useful summary of design guidelines for thin film
heterojunction devices in [5]. For single junction devices, the absorber band gap should be
between 1.0 and 1.6eV with a thickness greater than 2X the mean radiation penetration distance
[5]. The absorber should be P-type because electrons (the active minority carriers) have higher
mobilities, and it should have a hole concentration of 10"* - 10"7cm™ to maintain an extended space
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charge region with limited recombination [5]. Most device quality thin film CIGSe absorbers also
exhibit Hall mobilities of 15 — 200cm?/V-s [13]. The back electrical contact should make ohmic
contact with the absorber. The buffer/window layer should have a large band gap, a low defect
density and a high electrical conductivity [5]. Further, the conduction band alignment between
the absorber and the buffer/window layer should form a small spike (0 < AE.< 300meV) to facilitate
a surface layer inversion that minimizes interfacial recombination without significantly
obstructing the photocurrent [5].

2.2 THE CIGSES MATERIAL SYSTEM

I would like to acknowledge Scheer and Schock [5] and Shafarman [13], as this CIGSeS
material background section draws strongly from these works. For a more comprehensive review,
the reader is strongly encouraged to visit these excellent texts.

2.2.1 Material Properties

2.2.1.1 Composition and Structure

CulnSe; is a P-type semiconductor material with a direct band gap (~ 1.04eV) and high
optical absorption (>10* cm™) [5, 13, 24]. The CulnSe; (CISe) and the related CuGaSe, (CGSe)
material system both adopt the chalcopyrite structure, with tetragonal bonding similar to the zinc
blende structure [5, 13, 24]. In this II-VI analog, cations of the zinc blende structure (Zn) are
alternately replaced by Cu and In, such that every Se atom tetragonally bonds with two Cu atoms
and two In atoms, as in Fig. 2-11 [5, 13, 24].

Fig. 2-11. Unit cell of Chalcopyrite CISe, reproduced from [13]

The chalcopyrite CISe structure has a reduced symmetry relative to the zinc blende
structure, due to the chemical differences of the two cations, which doubles the unit cell size and
yields more complex opto-electronic properties [5, 13, 25]. In particular, bond asymmetries
between Cu-Se and In-Se cause two structural modifications to the crystal: tetragonal distortion of
the unit cell and anion (Se) displacement from the ideal lattice site [5, 13]. The presence of Cu, a
transition metal, further enhances differences in the CISe compared to other analogous II-VI
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compounds, due to the strong participation of d-orbitals in bonding and their hybridization with
anion (Se) sp states [5, 13, 25].
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Fig. 2-12. Pseudobinary Cu:Se - In,Se3 phase diagram and ternary Cu-In-Se phase diagram, reproduced from [13]

A pseudobinary isopleth has been shown to connect Cu,Se and In,Se; phases [5, 13]. In
particular, literature has reported chalcopyrite CISe and a number of ordered defect compounds
(ODCs), such as Culn;Ses and CulnsSes, fall on or near this Cu,Se-In,Se; tie line under standard
thin film growth conditions (e.g. under excess Se supply) [5, 13]. Consequently, the pseudobinary
phase diagram shown in Fig. 2-12(a) has been used as a phase model to describe the growth
behavior of CISe films under varying Cu:In ratios [5, 13, 24]. The ordered defect compounds are
so named because they have a crystal structure described by the chalcopyrite structure with a
“structurally ordered insertion of intrinsic defects” [13]. Phase diagrams represent systems in
thermodynamic equilibrium, but some thin film deposition techniques (e.g. pulsed laser
deposition) may involve non-equilibrium processes. As a general guide, however, phase formation
of CIGSe thin films may be framed by the transitions prescribed by the relevant phase diagrams.

100 =il
Cu,Se 20 40 100 In,Se,

Cu,Se+Ch Ch Ch+P1 P1 P1+P2

Ch Chalkopyrit P2 Schichtstruktur
P1 “Chalkopyrit-Derivat” Zb Zinkblende, ungeordnet

Fig. 2-13. Proposed isothermal quasi-ternary Cu,Se-In.Se;-GazSes
phase diagram, reproduced from [24]
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Noting that most CISe films are grown at 500 - 550°C [5, 13], Fig. 2-12(a) shows that there
exists a narrow region where a-phase (chalcopyrite) CISe may be formed. Films that are grown
Cu-rich always exist as a combination of a-CISe and Cu,Se phases. Films that are grown Cu-poor
tend to exist as a combination a-CISe and ODC compounds, which develop from stable neutral
defect complexes composed of Cu vacancies and Inc, antisite subsitutions [2V¢, + Inc,*] [5, 13].

Frequently, CulnSe; films are alloyed with Ga in order to widen the band gap, as CuGaSe,
has a direct band gap of 1.6eV [5, 13]. The effect of Ga-alloying on the phase diagram of CISe can
be approximately described according to the pseudo-ternary phase diagram shown in Fig. 2-13.
Again, the single-phase chalcopyrite region remains narrow, broadening slightly with increasing
Ga:[In+Ga] and decreasing Cu concentration. This phase broadening can be attributed to the
higher formation energy of Gac, compared to Inc,, which destabilizes defect clusters that
contribute to the formation of the ODC compounds [13, 24].

2.2.1.2 Band Structure and Optical Properties
As described in the previous section, CISe has a direct band gap of ~ 1.04eV and CGSe has

a direct band gap of 1.6eV, with both systems demonstrating high optical absorption (>10* cm™)
above their band gaps. Typical optical absorption curves for device quality CISe and CGSe are
shown in Fig. 2-14.
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Fig. 2-14. Optical absorption curves for device quality
CulnSe; and CuGaSe;, reproduced from [13]

The band gap variation of CIGSe with Gallium alloying, Ga:[In+Ga], may be described
according to the following [13]:

E, =1.04+0.65x-0.26x(1-x) (2-19)

where E, is the band gap, x is the alloying ratio Ga:[In+Ga], and 0.26 is the bowing parameter.
Further, exponential Urbach tails, which are associated with the degree of crystal disorder and
described in more detail in Ch 4, are evident in CISe and CGSe absorbers (the linear portion of the
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absorption curve below the band gap energy). For alloyed systems, the Urbach energy was shown
to increase away from the pure ternary end points [5], consistent with increased alloy disordering.

To first order, the optical functions of ternary chalcopyrite compounds are similar to their
binary analog compounds (zinc blende) [25]. However, crystal symmetry reductions and bonding
asymmetries, previously noted, tend to remove degeneracies through crystal field and spin-orbit
perturbations [25]. Further, the Cu-d states hybridize with the p-states, pushing up the valence
band maximum and reducing the band gap compared to similar II-VI systems [5, 13, 25].

The electronic band structure of CISe and related chalcopyrite systems have been studied
extensively using both theoretical and experimental methods. The band structures have been
calculated theoretically using the analytical framework of Density Functional Theory (DFT) [26-
28], and the band structures have been characterized experimentally by Angle-Resolved
Photoemission Spectroscopy (ARPES) [29]. Optical characterization methods such as absorption
spectroscopy and spectroscopic ellipsometry provide information about optical transitions within
the material, which can yield indirect information about its electronic band structure. See
references [5, 25, 28, 30] for more detailed descriptions of the electronic band structures and
optical properties of CISe. Experimental refractive indices and dielectric functions for CISe and
CGSe are given in [25].

2.2.1.3 Defect and Electronic Properties
CISe absorbers may be doped P-type and N-type by modulating off-stochiometry

deviations [13]. Cu-rich CISe films are always P-type, with copper vacancies (V¢,) and Cu antisite
substitutions (Cui,) acting as the dominant doping defects [5, 13]. Cu-poor CISe films may be
doped P-type or N-type with Se-excess or Se-deficient annealing conditions, respectively [13].
Selenium acts an amphoteric defect, and its doping behavior depends on the Fermi level in the film
and the formation of defect complexes with copper vacancies [5, 13]. CGSe films, on the other
hand, are always P-type [5, 13, 19].  As Eg shifts towards the CB with increasing N-type doping,
the defect formation energy of Vc. drops rapidly, inducing the spontaneous creation of
compensating acceptors and pinning the Fermi level [5, 31]. Further, the addition of Ga in CIGSe
alloys tends to suppress the formation of the neutral defect complex (2V¢, + Inc,®*)°, which causes
Vo and In(Ga)c, defects to remain active as recombination centers [5, 13].

CIGSe absorber layers in high quality devices are P-type with hole concentrations of
10" - 10%cm™ [5, 13]. Hole mobilities of 15 — 200cm?/V-sec and 20 — 40 cm?/V-sec have been
reported in bulk crystals and polycrystalline films, respectively [5, 13]. Notably, thin film CIGSe
grains are typically columnar, so that device operation will mostly involve intra-grain (or bulk)
transport [5, 13]. However, hole mobilities are typically measured laterally in conventional Hall
effect systems. Consequently, Hall measurements may not accurately represent the hole transport
properties of polycrystalline films [5, 13].
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Point Defects
Twelve intrinsic (native) point defects are possible in the CulnSe; system, as shown in

Table 2-4. Depending on their charge states, these defects may exhibit varied transition energy
levels and thus varied doping properties. For instance, Cui,’” acts as a shallow P-type dopant with
transition energy ~300meV above the valence band edge, while Cu;,*’” acts as a deep level defect
with transition energy close to midgap [28]. The superscript (X/Y) on the defect label denotes a
given transition of the defect, such that X corresponds to the initial charge state and Y the final
charge state of the defect [32]. Defects that may act as either a P-type or N-type dopant (e.g. Vs.),
depending on their charge state, are denoted amphoteric.

The creation of a defect depends on its formation energy, which varies with its electronic
potential (e.g. Fermi level position) and its chemical potential (e.g. the composition of the film)
[28]. Using first-principles calculations, Zhang showed that in Cu-poor, P-type films, defects with
the lowest formation energies are ordered as: Ve, < Incy < Vin < Cun < Icu [28]. Domain showed a
slightly different ordering: Vcu < Cum < Vin < Incy < Icu [5, 33]. For calculated defect formation
energies, see [5, 28, 31, 33]. Copper vacancies (Vc,), indium vacancies (Vi,) and copper antisite
substitutions (Cu,) are all low-formation energy P-type dopants. However, V¢, have shallow
transition energies, and no charge states with deep level transition energies [28]. Therefore, copper
vacancies represent the most benign P-type dopant, and compositions are typically grown Cu-
poor, which lowers V¢, formation energies and raises Cui, formation energies [28].

Table 2-4. Native point defects in CulnSe: [5, 28]
(P-Type: Edefect — Evs < 300meV, N-Type: Ecp — Edefect < 300meV)

Defect Type Point Defect Doping Type
Veu P-Type
Vacancies Vi P-Type / Deep
Vse P-Type / N-Type
Leu N-Type
Interstitials I -
Is. —
Cur, P-Type / Deep
Incy N-Type
Antisite Cuse -
Substitution Secy _
Ins. -
Sem -

Anion-cation antisite substitutions, such as Cus., are calculated to have prohibitively high
formation energies (>5eV) [5]. Anion (Se) vacancies have shown complex behavior, acting as
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amphoteric dopants and forming metastable defect complexes [5, 13]. It has been suggested that
selenium vacancies predominately exist as defect complexes, (Vs. + Vcu), as discussed in the
following section [5].

The point defect properties of CIGSe films have been investigated using a variety of
techniques, including photoluminescence spectroscopy, electroluminescence spectroscopy, deep
level transient spectroscopy, and temperature-dependent Hall effect measurements [5, 13, 28].

Defect Complexes
Closely spaced point defects may interact with each other via charge transfer, electrostatic

interaction, or atomic relaxation [28]. In some cases, these defects may significantly lower their
formation energies through these interactions, forming ordered structures known as defect
complexes [28]. In the CulnSe, system, a number of potential defect complexes have been
modeled and investigated, including: (2Veo+Ine®)’  (Ver+le')’  (Cun®+2Ic?)d
(Cun®+Inc®)’ (Vs +Veu)', and (Vs'+Ved) [5, 13, 28, 33, 34]. Uncharged complexes are
referred to as neutral defect complexes.

The (2Vcu+Inc,?)? neutral defect complex represents the most significant defect complex.
This defect has formation energies less than or equal to zero in Cu-poor ClSe crystals [5, 28],
introduces minimal distortion into the unit cell [5], and reduces deep trap states by pushing Ve,
and Inc, transition energies out of the midgap [5, 28]. Subsequently, large off-stoichiometries in
the Cu-poor region of CISe may be accommodated, creating ordered defect compounds such as
CulnsSes and CulnsSes [5, 13, 28, 34], while stabilizing Ve, acceptors, removing recombination
centers and remaining electrical inactive [13, 28].

The (Vse + Vcu) charged defect complex represents another significant defect complex in
CIGSe films, which can cause metastable doping behavior [5, 13]. The binding energy (different
than formation energy) for the (Vs. + Vcu) complex in both CISe and CGSe are negative, indicating
that the majority of selenium vacancies present in the crystal will be bound in this anion-cation
defect complex [5]. Different bonding states of V. (0 and 2*) yield different possible bonding states
for the defect complex, with a positive charge state (donor) corresponding to the Vs.**
configuration and a negative charge state (acceptor) corresponding to Vs’ [5, 13].

2.2.1.4 Grain Properties
Polycrystalline thin films contain large numbers of grain boundaries (GBs), and the device

performance associated with these absorbers depends on the size, orientation, and electronic
properties of the grains and their boundaries. One of the major advantages of the CIGSe material
system has been the benign nature of the grain boundaries in polycrystalline thin films [5, 13,
24]. In fact, polycrystalline absorbers have outperformed single-crystal absorbers, suggesting that
the GBs may actually improve overall device performance [13]. This grain boundary behavior has
been attributed to a lowering of the VB edge at the interface, due to Cu-depletion at the surface,
which reduces GB recombination of the photogenerated minority carrier electrons. That is, GBs
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tend to be Cu-deficient, possibly due to band-bending induced electromigration [13], which
decreases the Cu-d electron states contributing to the uppermost part of the VB, thereby lowering
the VB edge [5, 13, 24]. This dip in the VB edge creates a hole barrier, repelling holes away from
the GBs, and consequently reducing recombination of minority carrier electrons [5, 13, 24].

As shown in Fig. 2-12(b), CulnSe, under Cu-rich conditions exists as a combination of
Cu,Se and chalcopyrite CISe. In these conditions, the Cu,xSe phases preferentially segregate at
the grain boundaries and the surfaces of the films [5, 13, 24]. Cu,Se has the same Se-sublattice and
a similar lattice constant to CISe [24]. Cu,.xSe has been proposed to form quasi-liquid phases at
the elevated temperatures of growth and annealing, which boost the atomic mobilities of the metal
ions (Cu and In), thereby enhancing recrystallization and grain growth of the CISe phase [5, 13,
24]. Some studies, however, have indicated that this mechanism becomes less significant in the
presence of Na and Ga in the films [13].

2.2.2 Absorber Fabrication Methods
Two fundamental approaches may be adopted to fabricate the CIGSe absorber layer: 1) a

single-step fabrication including deposition (metals and chalcogen) and crystal formation, and 2)
a two-step fabrication including precursor deposition (metals only) followed by annealing reaction
with the chalcogen element [5]. A wide range of thin film deposition techniques have been applied
to both of these fabrication methodologies, including pulsed laser deposition [35, 36],
electrodeposition [37], sputtering [5, 13, 38], spray pyrolysis [39], and nanocrystal synthesis
methods [40]. However a three-stage co-evaporation has yielded the highest efticiency cells [41].
Pulsed laser deposition, the primary fabrication tool for CIGSe in this dissertation, will be
discussed in more detail in Ch 3, 5 and 6. The champion three-stage co-evaporation method and
the basic deposition reaction method are briefly summarized here.

Design Properties of CIGSe Absorber Layers
Scheer summarizes the requirements for high quality CIGSe film growth as follows: 1) the

substrate temperature should reach at least 500°C during crystal formation, the crystal formation
should proceed under excess chalcogen (Se or S), and the final film composition should be Cu-
poor with Ga:[In+Ga] = 0.2 - 0.3 and include Na-doping [5].

2.2.2.1 Co-Evaporation

Co-evaporation involves evaporation of multiple elements simultaneously under high-
vacuum conditions, using Knusden-type effusion cells [13]. A major advantage of the method is
its ability to carefully tailor growth conditions over time, taking advantage of the fortuitous
diffusion properties of the metallic components in the film. Copper diffuses sufficiently fast
during film growth in order to ensure a homogeneous distribution after film growth [24]. Indium
and gallium, on the other hand, diffuse slowly, enabling the formation of through-thickness
gallium gradients by altering the In/Ga flux rates [24]. Typically, two- and three-stage sequences,
with varying elemental flux rates, are used to enhance film growth and to vary the through-
thickness compositions.
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The sticking coefficients of the metal components (Cu, In, and Ga) of CIGSe are very high,
such that most of the particles that reach the surface, through evaporation or other physical vapor
deposition processes, adsorb on the film [13]. Consequently, the flux rate of the elements roughly
determines their deposition rate [13]. Selenium, however, has a higher vapor pressure and lower
sticking coefficient than the metal components, and therefore it is evaporated in excess in order to
maintain the proper film stoichiometries [13]. The higher overpressure associated with this excess
Se also helps prevent re-evaporation of In,Se and Ga,Se, which have high vapor pressures [13].

As discussed in the previous section, CIGSe film growth under Cu-rich conditions can
increase grain size. However, final film compositions should be Cu-poor, in order to improve their
electronic quality [5]. Therefore, the two- and three-stage sequences employ Cu-rich growth
periods followed by Cu-poor growth periods. Through-thickness gradients of Gallium, developed
by altering the In and Ga flux rates over time, also aid device performance through the creation of
a back surface fields that repel photogenerated minority carriers away from the back contact [5,
24]. Table 2-5 summarizes a representative three-stage deposition sequence [5, 13].

Table 2-5. Typical Three-Stage Co-Evaporation Process for CIGSe Thin Films

Stage Element Fluxes Substrate Temp
1 In + Ga + Se 300°C
2 Cu + Se 500 - 600°C
3 In+ Ga + Se 500 - 600°C

In this three-stage process, Stage 1 involves the nucleation of In.Se, and Ga,Se,
compounds [13, 42], which develop small grains in the absence of grain size-enhancing Cu,.xSe
phases [5]. Stage 2 recrystallizes these small grains to form larger grains, a process enhanced by
the Cu,.xSe growth mechanism [5]. Stage 3 discontinues the Cu element flux to yield overall Cu-
poor films [5]. In a typical two-stage process, the first stage consists of a Cu-rich growth period,
such that large grains nucleate on the substrate, leading to final films with large grains but also
large surface roughness [5].

2.2.2.2 Deposition Reaction

The two-step deposition reaction method represents a simplified fabrication technique
compared to three-stage co-evaporation. However, this method does not allow as much control
of the through-thickness composition of the films or the growth properties of the films, since
diffusion and reaction processes drive the crystal formation [5]. The metal precursor may be
deposited in a Stacked Elemental Layer (SEL) configuration or as alloys or compounds [5]. The
chalcogen may be introduced into the metal precursor film by a reactive gas (H,Se or H,S) or an
evaporated elemental gas (Se; or S;) [5]. The highest performing devices fabricated using the
deposition reaction method have implemented surface sulfurization of the films, achieved by
introducing H.S gas at the end of the selenium (H,Se) annealing sequence [5, 13]. The improved
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performance has been attributed to a reduction of interface recombination, by widening of the
band gap at the junction, and to passivation of recombination centers [5].

The final cation (metal) ratios are mostly dictated by the initial precursor ratios, although
some In,Se may be lost through the annealing process [5]. Fortunately, the inherent formation
properties associated with CulnSe; and CuGaSe; yield favorable through-thickness compositions
during the reaction [5]. CulnSe, crystallizes much faster than CuGaSe,, and since the
crystallization process originates at the solid(metal)-gas(chalcogen) interface, the films tend to
have more CISe near the front surface and more CGSe near the back surface, creating
approximately the desired Gallium-profile [5]. The use of compounds as precursors, through
electrodeposition or nano-sintering, may introduce processing complexities, since the
“recrystallization process competes with the decomposition of the compound. Optimization may
therefore be more difficult” [5].

2.2.3 Photovoltaic Devices
The current champion laboratory cells (n~20.3%) [41] and commercial modules

(N~16.6%) [43] have been produced using CIGSe absorber layers alloyed with Ga (Ga:[In+Ga] ~
0.3) and fabricated by co-evaporation and sputtering processes, respectively. The highest
performing devices have utilized a substrate (not superstrate) architecture with the conventional
layer configuration shown in Fig. 2-15. The processing techniques conventionally used to fabricate
the remaining device layers include sputtering of Mo, chemical bath deposition of CdS, sputtering
of ZnO and ITO layers, and evaporation of Ni:Al collection grid [13].

A great number of works have investigated the effects of different layer materials and
fabrication methods on the device performance of CIGSeS solar cells, well-documented in review
articles and textbooks, including for example [5, 13, 44]. For a more detailed review of the device
performance and tradeoffs associated with varying architectures, the reader is referred to these
excellent texts.

The champion 20.3% device fabricated by the Centre for Solar Energy and Hydrogen
Research Baden-Wiirttemberg (ZSW) demonstrated a FF, Voc, Jsc, Eg and Eg/q-Voc of 77.7%,
730mV, 35.7mA/cm? 1.14eV, and 0.410V, respectively [41, 45]. As described in Section 2.1.3.4,
optical losses from shading, reflection, and incomplete absorption in the absorber layer cause
short-circuit current density losses in the device. For the conventional CIGSe device architecture,
the optical losses are identified, in decreasing magnitude, as reflection from the top surface of the
device, incomplete generation in the CIGSe layer, absorption in the ZnO layer, shading from the
Ni:Al collection grid, absorption in the CdS layer, and incomplete collection in the CIGSe layer
[13]. Losses in FF and Voc are attributed to primarily to SRH recombination in the SCR of the
CIGSe layer [13]. As described in Section 2.1.4.1, advantageous conduction band alignment
between CIGSe and CdS mitigates interface recombination via type-inversion at the junction [13].
The non-optimal band gap of 1.1 - 1.2eV used in high performance devices also represents a device
performance loss. For single-junction devices, band gaps near 1.35eV provide the theoretically
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maximum performance, accounting for the tradeoff between Voc and Jsc [11]. However, as
detailed in Section 2.1.4.1, wider gap CIGSe devices achieved by Ga-alloying have demonstrated
high Voc deficits and degraded device efficiency, attributed primarily to shifts in conduction band
alignment at the junction from spike to cliff with increasing band gap [13].
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i-Zn0O / ZnO:Al (0.5pum)
CdS (50nm) N-Type
P-Type

CU|n0.75Gao'25562 (Zum)

Mo (0.5um)

Soda Lime Glass Substrate

Fig. 2-15. Schematic of conventional CIGSe
photovoltaic device, adapted from [13]

Sodium and oxygen have been shown to play significant roles in the performance of high-
efficiency CIGSSe devices [5, 13, 24]. The inclusion of Na during CIGSSe thin film growth
increases the net carrier concentration [24], increases the open circuit voltage [24], increases the
FF [5, 24], and widens the chalcopyrite phase region [5] in particular for varying Cu composition
[24]. These effects have been attributed to the electrical passivation of grain boundaries via Na-
catalyzed oxygenation of dangling In-bonds [5, 13] and Na substitutions of Cu, In, and Ga sites
[24]. Additional effects may include reduced Cu and In diffusion, enhanced chalcogen
incorporation, and increased MoSe, formation at the back contact during film growth [5]. The
optimum doses of Na for CIGSe and CIS thin films are ~ 0.1% and ~1%, respectively [5, 24, 44].
Higher doses tend to degrade performance and reduce adhesion by decreasing grain size and
increasing film porosity [5, 24]. The Na can be introduced into the films by diffusion from a Na-
containing substrate (e.g. Soda Lime Glass) or through a Na-containing precursor layer, such as
NaF or Na,S [5, 24, 44]. The method of introduction has been shown to have negligible effect on
the behavior of the Na influence in the films [5, 24].

Thin film CIGSeS solar cells have been studied intensively for over 30 years, and both
laboratory cells and modules have achieved very high efficiencies. Fundamental research into the
material and device behavior of CIGSeS remains on-going, however, as debate still surrounds some
aspects of its defect, grain boundary and junction physics [41]. Further, Jackson notes, the
traditional device enhancement techniques used in silicon solar cell production have not been fully
exploited in CIGSeS thin film technology [41]. Finally, in order to successfully scale production,
the fabrication cost must be reduced and the throughput increased while still maintaining the high-
quality device performance that has been demonstrated.
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2.3 THE CZTSES MATERIAL SYSTEM

I would like to acknowledge Persson [46], Olekseyuk [47] and Chen [48], as this CZTSeS
material background section draws strongly from these works. For a more comprehensive review,
the reader is strongly encouraged to visit these excellent texts.

2.3.1 Material Properties

2.3.1.1 Composition and Structure
Cu,ZnSnS, is a P-type semiconductor material with a direct band gap (~ 1.5eV) and high

optical absorption (>10* cm™) [46]. The Cu,ZnSnS,; (CZTS) and the related Cu,ZnSnSe, (CZTSe)
material systems (group I-II-IV-VI) both adopt the kesterite structure, with tetragonal bonding
similar to the chalcopyrite structure. In this I-III-VI derivative, the group III cations (In) of the
CISe crystal are alternately replaced by Zn and Sn, such that every Se atom tetragonally bonds with
two Cu atoms, one Zn atom, and one Sn atom [49], as shown in Fig. 2-16.
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Fig. 2-16. Unit cell of Kesterite CZTS, reproduced from [50]

The CZTS(Se) crystal may also adopt a stannite structure, characterized by a slightly altered
stacking arrangement of the cations as described in [46, 49] but with the S-anion still bonded to
two Cu atoms, one Zn atom, and one Sn atom. First-principles calculations indicate that the
kesterite structure has a slightly lower formation energy than the stannite structure, and so this
kesterite structure has been typically designated as the prevailing phase [46, 49]. However,
kesterite, stannite, and some disorder modifications, related through Cu and Zn intermixing in the
Cu-Zn plane, exhibit similar formation energies and thus may coexist under equilibrium
conditions [46]. Persson suggests that the coexistence of these phases may account for reported
opto-electronic property variations and disorder observed in CZTSSe [46].

The kesterite CZTS structure has a reduced symmetry relative to the chalcopyrite CISe
structure, due to chemical differences of the additional cations, which modifies its opto-electronic
properties [46]. Like CISe, bond asymmetries between Cu-S and Zn-S and Sn-S cause two
structural modifications to the crystal: tetragonal distortion of the unit cell and anion (S)
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displacement from the ideal lattice site [46, 51]. These structural modifications alter the character
of the band structure, as described in Section 2.3.1.2.
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Fig. 2-17. Pseudobinary Cu:S - ZnS, Cu:S - Sn$S;, and ZnS - SnS; phase diagrams, reproduced from [47]

Cu,ZnSnS, represents a true quaternary alloy and so a description of it phase stability is
inherently more complex. Olekseyuk’s work on the phase equilibrium of the Cu,S-ZnS-SnS,
system [47] represents the basis for interpretation of phase formation behavior in most of the
reported literature on CZTS, with many works including modified or annotated versions of his
phase diagrams, for example [12, 52, 53]. Pseudobinary isopleths for the various binary limits
are reported in [47], including Cu,S - ZnS, Cu,S - SnS,, and ZnS - SnS,, which are reproduced
above in Fig. 2-17. Olekseyuk also provides an isothermal section of the pseudo-ternary phase
diagram at 670K [47], as reproduced in Fig. 2-18.

670 K

1- Cu,ZnSnS,
2- CuZnSnSg

80 60 40 20

Fig. 2-18. Isothermal pseudo-ternary Cu.S-ZnS-Sn$: phase diagram, reproduced from [47]
CIGSe films have demonstrated resilience to off-stoichiometry deviations, under Cu-poor
and Se-excess conditions, by forming well-behaved ordered defect compounds, as described in

Section 2.2.1.1. CZTS films, on the other hand, have generally demonstrated the formation of
detrimental secondary phases under off-stoichiometric conditions [48, 52, 54]. The best
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performing devices have been fabricated under Cu-poor, Zn-rich conditions [54], conditions
which have been shown to yield ZnS phases in coexistence with kesterite CZTS [55]. Many have
framed this off-stoichiometric secondary phase formation in terms of the pseudo-ternary phase
diagram in Fig. 2-18, relating the compositional variations in the films with the expected or
identified secondary phases, such as [12, 52, 53]. Notably, however, other factors associated with
the solid-state reaction pathway to CZTS crystal formation also strongly influence secondary phase
formation. In particular, growth kinetics associated with the fabrication method and the film
stability at the surface and the back contact play strong roles, as discussed in Chapter 3.

Frequently, Cu,ZnSnS; films are alloyed with Se in order to improve the device
performance and/or tune the band gap to lower values, as Cu,ZnSnSes has a direct band gap of
1.0eV [45, 56-58]. A review of the literature did not reveal any reported works investigating the
effect of Se-alloying on the phase stability of kesterite CZTSSe. However, the phase equilibria of
Se-based CZTSe was investigated in [59], and the single phase region of kesterite CZTSe at 670K
appears similar in size to the single phase region of kesterite CZTS at 670K presented in [47].
Grossberg, however, suggests that the previous two reports indicate that the Se-based system may
have a larger stoichiometry region where single-phase kesterite exists [60].

2.3.1.2 Band Structure and Optical Properties
As described in the previous section, CZTS has a direct band gap of ~1.5eV and CZTSe has

a direct band gap of ~1.0eV, with both systems demonstrating high optical absorption (>10* cm™)
above their band gaps [61-63]. Theoretically calculated optical absorption curves for CZTS and
CZTSe, considering only direct optical transitions, are shown in Fig. 2-19 [46].
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Fig. 2-19. Theoretical optical absorption curves for
kesterite CZTS and CZTSe, with chalcopyrite CulnSe:
shown for reference, reproduced from [46]

The band gap variation of CZTSSe with Selenium alloying, Se:[S+Se], may be described
according to the following [61]:
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E,(x) = (1 - x)E,(CZTS) + xE,(CZTSe) - bx(l - x) (2-20)

where E; is the band gap of the S-Se alloy, E,(CZTYS) is the bandgap of CZTS, E,(CZTSe) is the
bandgap of CZTSe, x is the alloying ratio Se:[S+Se], and b is the bowing parameter. Chen
calculated the theoretical bowing parameter asb = 0.07 - 0.10eV [61], and others [62, 63] measured
the experimental bowing parameter as b =0.06 - 0.08eV. The small value of the bowing parameter
for this S-Se alloy is attributed to the small chemical differences between S and Se [61].
Experimental measurements of the optical absorption of polycrystalline CZTS and CZTSe have
shown evidence of exponential Urbach tails below the band edge [64-66]. In one report [64], the
Urbach energy was shown to decrease with increasing annealing temperature and increasing
annealing time, consistent with decreased crystal disorder.

Similar to chalcopyrite CISe, crystal symmetry reductions and bonding asymmetries,
previously noted, tend to remove degeneracies through crystal field and spin-orbit perturbations
[46]. Further, like CIGSe, the upper most valence band derives mainly from the hybridization of
Cu-d states with S-p states [46, 51, 67]. At lower band energies, Persson notes that Zn-spd, Cu-s
and Sn-p also contribute to the valence band [46]. The lowest conduction band, on the other hand,
derives mainly from the hybridization of Sn-s states with S-p states [46, 51, 67]. The optical
absorption coefficients for CZTS and CZTSe have similar curves to CISe, as seen in Fig. 2-19,
except that CZTS(Se) has higher absorption near the band edge, which can be attributed to the
flatter dispersion of the lowest CB in this energy region [46]. Due to higher crystal field split-off
energy in stannite crystal structures than kesterite, the dielectric functions of stannite demonstrate
a higher anisotropy, which the author suggests could be used to help distinguish the presence of
stannite and crystal structures in CZTS(Se) materials [46] .

The electronic band structure of CZTS and CZTSe systems, including kesterite, stannite
and other disorder structures, have been studied using theoretical and experimental methods. The
band structures have been calculated theoretically using the analytical framework of Density
Functional Theory (DFT) [46, 49, 51, 67], and the band structures have been characterized
experimentally by x-ray emission spectroscopy [68], optical absorption [68], and spectroscopic
ellipsometry techniques [69, 70]. Experimental refractive indices and dielectric functions for
CZTS are given in [25, 70].

2.3.1.3 Defect and Electronic Properties
CZTSeS absorbers may be doped P-type by native defects, with copper vacancies (V) and

copper-zinc antisite substitutions (Cuz,) acting as the dominant doping defects [48, 57]. Chen
indicates that the low formation energies of the acceptor defects compared to the donor defects
make N-type doping of CZTSeS difficult to achieve [48]. As the Fermi level shifts towards the CB
with increasing N-type doping, the defect formation energy of Cuz, drops rapidly, inducing the
spontaneous creation of compensating acceptors and pinning the Fermi level [48].

2-30



Limited works report on the carrier concentration and mobility properties of CZTSeS
films, in particular for those associated with champion devices. Mitzi summarizes the electronic
properties for some early works in [54], which reports the lowest hole concentration of
2x10"cm™ and the highest hole mobility of ~40cm?/V-s in CZTSe. In a high efficiency device
(12.6%) using a CZTSeS alloy, Wang reports a drive-level capacitance defect concentration
~10"cm™ and a capacitance-voltage defect concentration up to ~10"cm, generally associated with
bulk and interface defects, respectively [45]. Significant work remains in characterizing the carrier
and mobility properties for device quality CZTSeS, particularly under conditions that faithfully
represent the films as they exist in devices [54]. Hall effect represents the simplest method to
measure the majority carrier concentration and mobility but requires insulating substrates. As
Mitzi notes [54] and as Scragg has demonstrated [71], the metal back contact can significantly
influence the phase formation and defect properties of the films.

Point Defects

Thirteen intrinsic (native) point defects are commonly reported in the Cu,ZnSnS, system,
shown in Table 2-6, although many more defects are possible. Using first-principles calculations,
Chen and Nagoya showed that in Cu-rich films, the defects with the lowest formation energies are
ordered as: Cuz, < Zns, < Cus, [48, 72]. Cuz, remain the lowest formation energy defect across the
stable phase range of CZTS from Zn-poor to Zn-rich side and Sn-poor to Sn-rich side. The next
highest formation energy defects do, however, vary with Zn and Sn concentrations [48, 72]. For
Cu-poor films, the lowest formation energy defects are: Cuz, < Vecu < Znsa [48, 72]. The phase
stable region of CZTS is extremely small for these conditions, and therefore non-stoichiometric
concentrations of Zn and Sn will cause the formation of secondary phases [72]. Anion-cation
antisite substitutions (e.g. Cus) are not detailed in the few reports on CZTS defect physics, although
similar calculations for CISe indicated such defects had prohibitively high formation energies [5].

For calculated defect formation energies, see [48]. Copper-Zn antisite substitutions (Cuz,),
Cu vacancies (Vcu), and Zn-Sn antisite substitutions (Zns,) are all low-formation energy P-type
dopants. Copper vacancies have shallow transition energies and no charge states with deep level
transition energies [48]. Therefore, copper vacancies are considered the most benign P-type
dopant. Film growth under Cu-poor, Zn-rich conditions can promote V¢, formation and inhibit
Cuz, formation, and the comparative success of solar devices fabricated using Cu-poor, Zn-rich
absorbers [54] has generally been attributed to this defect behavior [57, 73].

The defect properties of CZTSeS films have been investigated using a variety of techniques,
including for example photoluminescence (PL) spectroscopy [60, 74], capacitance-voltage and
drive level capacitance profiling (DLCP) [45], and scanning transmission microscopy methods
[74]. Broad intense PL peaks have been measured in CZTS at varying energies from 1.37 - 1.47eV
[74]. In [60], the PL peaks in CZTSeS monograins were shown to narrow with increasing Se-
content. Based on blue shifts with laser power, the PL peaks in CZTS have been attributed to
donor-acceptor pairs (DAP); based on shifts in intensity with temperature, defect energy levels
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have been calculated that indicate shallow donor and deep acceptor levels [74]. Aberration-
corrected scanning transmission electron microscopy (STEM) measurements have confirmed Cu-
Zn disorder in Cu-poor, Zn-poor films, demonstrating evidence of Cuz, and Znc, antisite
substitutions, as well as Cus, antisite substitutions in Cu-rich films [74].

Table 2-6. Native point defects in CuZnSnS; [48]
(P-Type: Edefect — Evs < 300meV, N-Type: Ecp — Edefect < 300meV)

Defect Type Point Defect Doping Type

Veu P-Type

Vzn P-Type

Vacancies
Vsn P-Type / Deep
Vs Deep

Leu N-Type

Interstitials Iz4 N-Type
Isn N-Type / Deep

Cuzn P-Type
Cug, P-Type / Deep

Antisite Zncy N-Type

Substitution Zns, P-Type
Sncu N-Type / Deep

Snzq N-Type

Defect Complexes
As described in Section 2.2.1.3, neutral defect complexes — in particular (2Ve, + Inc*)° -

play critical roles in accommodating off-stoichiometric deviations and passivating recombination
centers in the CIGSe material system. In the Cu,ZnSnS, system, a number of potential neutral
defect complexes have been modeled and investigated, including: (Vcu+Znc.')?, (Vzoa>+Snz*")?,
(Cuzn+Znc')’,  (Cus’+Snc™)’,  (Zns”+Snz*)’,  (Zns”+2Zne’)’, (Cuzn+lc)’,  and
(Znsa* +1247%)° [48].

(Cuzn+Znc,*)° exhibits the lowest calculated formation energy of the neutral defect
complexes, and its value does not change with chemical potential (e.g. film composition) because
the defect does not involve atom exchange with the external reservoir [48]. Chen notes that the
calculated Znc," level shifts up 0.07meV toward the CB edge when the defect complex forms, but
the author does not note any change in the Cuz, [48]. From the figure in [48], the Cuz, level does
not exhibit any significant shift. The Snc.,** deep gap defect, on the other hand, exhibits a major
shift of 0.42eV towards the conduction band when the (Cus,® + Snc,**)° defect complex forms.
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Chen concludes that the favorable formation energies and electrical passivation behavior
(e.g. pushing deep trap states toward the band edges) of the various neutral defect complexes in
CZTS may yield similar benefits as in the CISe system [48]. Notably, however, neutral complex
formation does not appear to significantly modify the trap energy of the dominant Cuz,” doping
defect, which has been identified as a potential source of Voc loss in CZTS devices [57].

2.3.1.4 Grain Properties
As detailed in Section 2.2.1.4, one of the major advantages of the CIGSe material system

has been the benign nature of the grain boundaries in polycrystalline thin films, which was
attributed to band bending in the VB that results from Cu-deficiencies at the grain surfaces and
that acts as a hole barrier. The electronic behavior of grain boundaries in CZTS films has been
investigated both theoretically [75-77] and experimentally [77-79], but results have been mixed.

Theoretical calculations by Li [76] indicate that the grain boundaries in CZTS and CZTSe
crystals introduce a greater density of midgap defect states into the bulk crystal compared to CISe.
These defect levels are expected to increase detrimental carrier recombination [76]. Yin also found
detrimental Fermi level pinning at the grain boundary defect states in CZTS [75]. In the same
study, Zns,, Os., and In," defects were predicted to electrically passivate the grain boundaries by
neutralizing midgap defect states and creating hole barriers [75].

Experimental results, however, generally indicate that the grain boundaries are electrically
passive. In [78], scanning Kelvin probe microscopy (SKPM) and conductive atomic force
microscopy (c-AFM) measurements indicate decreases in the surface potentials and increases of
the current at the grain boundaries compared to the bulk, for both CZTSSe and CIGSe films. The
increase in current was attributed to greater local conductivity, resulting from increased electron
mobility, near the grain boundaries [78]. In [79], also using the SKPM method, the surface
potential variation between the bulk and the grain boundary was shown to depend on the film
preparation method. The highest performing films were fabricated using a longer selenium anneal
step and exhibited significantly larger grain sizes. In these higher performing films, the SKPM
measurements indicated a comparatively larger decrease in the surface potentials at the grain
boundaries compared to the bulk, similar to the results in [78].

Mendis examines the role of secondary phase precipitation on the electronic behavior of
grain boundaries in CZTS [77]. In this study, CuxSnySz, ZnS and SnS phases were found, using
electron backscattering and EDS, to precipitate at the grain boundaries in CZTS films. Using
cathodoluminescence measurements, recombination velocities were calculated at the
CZTS/CuxSnySz, CZTS/ZnS, and CZTS/SnS heterointerfaces [77]. The CuxSnyS; and ZnS
heterointerfaces demonstrated low recombination velocities, while the SnS heterointerface
demonstrated high recombination velocity. Mendis attributes the improved performance of
CuxSnySz and ZnS to the better lattice matching, and resulting decrease in strain, for these phases
compared to SnS [77]. The precipitation of some secondary phases on the grain boundaries of
CZTS can effectively passivate them, but the overall effect on device performance depends on the
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properties of the secondary phases, including the band gap, the volume fraction in the film, the
band offset at the heterointerface, and their location relative to the device P-N junction [77].

2.3.2 Absorber Fabrication Methods

Two fundamental approaches may be adopted to fabricate the CZTSeS absorber layer: 1) a
single-step fabrication including deposition and crystal formation, and 2) a two-step fabrication
including precursor deposition (with S(e)-containing CZTS(e) or metallic CZT precursors)
followed by annealing reaction with sulfur/selenium. As detailed in [54, 80, 81], a wide range of
thin film deposition techniques have been applied to both of these fabrication methodologies,
including pulsed laser deposition, electrodeposition, sputtering, e-beam and thermal evaporation,
spray pyrolysis, and nano-ink spin-coating. To date, nano-ink spin-coating has yielded the highest
efficiency cells [45]. Pulsed laser deposition and electrodeposition, the primary fabrication tools
for CZTS in this dissertation, are discussed in more detail in Chapters 3 and 6 - 9.

The fabrication of CZTS absorber layers remains a significant focus of research in the field,
and no champion process has been adopted. The highest efficiency cells have been fabricated using
a nano-ink spin-coating method that relies on hydrazine as the solvent [45], an undesirable
processing chemical given its toxicity and instability. Since no industry standard fabrication
method has been identified, a brief review of the general challenges and considerations of the CZTS
fabrication process is provided below, including tradeoffs between single-step and two-step
processes. Three major challenges have been identified in the fabrication of CZTSeS absorber
layers: 1) narrow phase formation region for CZTSeS [47, 54]; 2) elemental and compound
volatility [53, 54, 82, 83]; and 3) phase decomposition at the surface and back contacts [71, 84].

As shown in Fig. 2-18, phase-pure CZTS occupies a very narrow region of the
compositional phase space. Even small stoichiometric deviations are expected to cause the
formation of secondary phases that include metal sulfide binaries of the system (Cu,xS, ZnS, and
SnSx) and CuxSnyS; ternary phases. As discussed in Section 2.3.1.1, the best performing devices
use Cu-poor, Zn-rich absorber layers, which are expected to consist of coexisting CZTS and ZnS$
phases. Generally, the phase formation of the crystal under equilibrium conditions depends on
the temperature and composition of the system; however, some fabrication conditions have been
shown to yield kinetically-limited growth processes, which may produce additional secondary
phases [52]. Crystal formation processes associated with CZTS are discussed in more detail in
Chapter 3, and the effects of secondary phases on device performance are discussed further in
Section 2.3.3.

A significant challenge to the fabrication of quality CZTS absorber layers includes the loss
of Zn, Sn and S during the crystal formation processes, either during heated deposition steps or
post-annealing steps [54, 84]. While ZnS is relatively stable, elemental Zn has a high vapor pressure
and may be evolved from the film under high temperature and low pressures [29, 51]. As Scragg
notes, however, Zn is stable in the final CZTS film and when alloyed [19]. This work shows
significant losses of Zn in films deposited by pulsed laser deposition at temperatures of 400°C
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(10mtorr Ar,), as detailed in Chapter 6. Moreover, many works have demonstrated the loss of Sn
and S at elevated temperatures, and this loss has been attributed to the evolution of SnS from the
films [83, 84]. The absence of S, and SnS overpressures during crystal formation at elevated
temperatures has been shown to decompose CZTS at the surface into constituent binary metal
sulfides (including SnS) [84]. The film may then evolve the SnS due its high vapor pressure [84].
This work also shows significant losses of Sn in films deposited by pulsed laser deposition at
temperatures of 500°C (10mtorr Ar;) and in films annealed at temperatures of 550°C without
sulfur background, as detailed in Chapters 6 — 8.

Additional destabilizing reactions at the molybdenum back contact have been shown to
degrade the quality of CZTS absorber layers; molybdenum can react with and decompose CZTS
to form MoS; and metal-sulfide binaries [71]. Secondary phases at the back contact may cause
increased recombination, and the MoS, formation reaction can yield crystal defects that may
diffuse to the bulk and cause increased recombination [71]. Increasing the sulfur pressure can
mitigate this decomposition reaction but increases the MoS; thickness, which can increase series
resistance and decrease film adhesion [71]. These surface and back contact phase decomposition
processes are discussed in more detail in Chapter 3.

The difficulty in providing a S, background during conventional physical vapor deposition
processes, necessary to prevent the loss of Sn by SnS evolution at the desired crystal formation
temperatures (>500°C) and to mitigate CZTS phase decomposition at the back contact interface,
generally indicates the need for a two-step fabrication approach, with the precursor films deposited
at low temperature followed by a high temperature annealing step in sulfur background. Scragg
and others have reported similar conclusions regarding the comparative success of two-step
approaches used to fabricate CZTS [54, 84].

Design Properties of CZTS Absorber Layers
Based on the available literature, the conditions that yield high-quality CZTSeS film growth

are as follows: the substrate temperature should reach at least 500°C during crystal formation, the
crystal formation should proceed under excess chalcogen (Se or S) to prevent phase decomposition
of CZTS, and the final film composition should be Cu-poor and Zn-rich, Cu:[Zn+Sn] ~ 0.85 and
Zn:Sn ~ 1.2. Assuming an average optical absorption coefficient of 2x10*cm™ and using the design
thickness for photovoltaic absorber layers from Section 2.1.5, the minimum design thickness for a
CZTS absorber layer corresponds to approximately 1um. Alternative back contact materials and
barrier layers should be investigated in order to improve the stability at the back contact-absorber
layer interface [71]. Other factors influencing the CZTS crystal formation processes, such as
temperature profile and precursor composition, are discussed further in Chapter 3.

2.3.3 Solar Cell Devices

The current champion solar cell demonstrated a device efficiency of 12.6%, using a CZTSeS
absorber layer fabricated with a hydrazine-based nano-ink spin-coating process and alloyed with
a S-Se composition near Se:[S+Se] = 0.74 [45]. Reported CZTSeS solar devices, including the
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current champion cell [45], have generally adopted the layer structure used in conventional CIGSe
devices [85], as detailed in Section 2.2.3. This device architecture consists of a soda lime glass
substrate, molybdenum back contact, CZTSeS absorber layer, CdS buffer layer, ZnO window layer,
and ITO and Ni:Al top contact and collection grid, as shown in Fig. 2-20 below [45, 54, 56]. In the
champion cell, conventional processing techniques are used to fabricate the remaining device
layers: chemical bath deposition of CdS, RF magnetron sputtering of ZnO and ITO layers, and e-
beam evaporation of Ni:Al collection grid [56].

2
[
%

ZnO/ITO
CdS (25nm) N-Type
P-Type

CuyZnSn(Seq 7550.25)4 (2um)

Mo (0.5um)

Soda Lime Glass Substrate

Fig. 2-20. Schematic of champion CZTSeS photovoltaic device, adapted from [13]

Only a limited number of works have reported performance of alternative device
architectures, such as SLG/Mo/CZTS/a-Si/ITO and glass/FTO/TiO,/In,S:/CZTS/Mo (superstrate
configuration), where SLG refers to soda lime glass, FTO refers to F:SnO,, and ITO refers to
In:SnO; [85]. In fact, Delbos notes a general paucity of reported device properties in the literature,
which the author attributes to the limited number of high-performance devices able to be
fabricated [85]. Summaries of the reported device properties may be found in [54, 80, 81, 85].

The champion 12.6% device fabricated by IBM demonstrated a FF, Voc, Jsc, Eg, and E,/q-
Voc 0f 69.8%, 513.4mV, 35.2mA/cm? 1.13eV, and 0.617V, respectively [45]. For comparison, the
champion 20.3% CIGSeS device fabricated by ZSW (detailed in Section 2.2.3) demonstrated
parameter values of 77.7%, 730mV, 35.7mA/cm? 1.14eV, and 0.410V. The short-circuit current
densities are similar for the CZTSeS and CIGSeS devices, but the CZTSeS devices show a
significant drop in FF and Voc. The low FF values have been attributed to large series resistances
in the cell associated with a blocking back contact [45, 54], possibly caused by Mo(S,Se), or other
secondary phases at the interface [54, 85]. The significant Voc deficits are attributed to SCR-
recombination, possibly in the bulk or at the absorber-buffer interface, and to limited minority
carrier lifetime [54, 85]. Comparison of capacitance-voltage and drive-level capacitance profiling
suggests that interface recombination plays a significant role in the Voc deficit observed in the
champion device [45]. Interface recombination may result from defects or detrimental cliff band
alignments at the interface [54], as detailed in Section 2.1.4.1. See Table 2-3 for reported
conduction band alignments at CZTSeS - buffer layer interfaces.
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As many review articles and manuscripts have noted, the best performing devices use Cu-
poor, Zn-rich CZTS absorber layers, as discussed in prior sections [52, 54, 85]. Further, the
champion cells have used S-Se alloyed absorber layers, despite CZTS possessing the optimal band
gap for a single-junction solar cell device [57]. While much work remains to definitively identify
the mechanisms by which Se-alloying improves device efficiency, Walsh suggests that the
shallower level of the dominant Cuz, antisite defect in CZTSe and the possible type-inversion of
CZTSe at the interface may be responsible for improved device performance with Se-alloying [57].
A reduction in series resistance and increase in device efficiency has also been attributed to a
reduction of a back contact barrier height with increasing Se-content [54, 56, 85].

The formation of secondary phases in the absorber layer bulk and at the interfaces can
significantly impact the device performance as briefly discussed in Section 2.3.1.4, through
modification of the volume-averaged optical band gap of the absorber, degraded carrier collection
or increased film resisitivity resulting from heterointerface formation, and decreased carrier
lifetime resulting from lattice-mismatch induced defect formation at the heterointerface [77].
When present in sufficient quantities, secondary phases may change the effective (volume-
averaged) band gap of the absorber, which significantly influences the short-circuit current density
and Voc of the device [77]. Further, heterojunction formation between CZTS and the secondary
phases can either trap carriers in the smaller band gap material (type I junction) or increase film
resisitivity through barrier formation (type II junction), depending on the heterojunction type
[77]. Wide gap ZnS secondary phases are expected to yield large barriers to electron and hole
transport [72, 77]. The presence of these resistive phases in the SCR increases the shunt resistance
across the junction (e.g. non-detrimental impact), but the presence of these phases in the QNR
increases the series resistance within the bulk, decreasing the FF [77]. As detailed in Section 2.3.1.4,
ZnS and CuxSnyS; phases have low interfacial recombination velocities with CZTS, which may
help passivate defects. ZnS, when formed in the SCR, may therefore possibly aid device
performance [77]; etching studies, however, indicate improved device performance after
preferential etching and removal of ZnS from the absorber layer surface [86]. The CuxSnyS; may
also improve device performance, depending on the band gap of the phase and the heterojunction
type formed, as described above [77]. SnSx phases are shown to have high interfacial
recombination velocities, indicating that they are detrimental to device performance [77].

Sodium has been shown to play a significant role in the performance of high-efficiency
CIGSeS devices [5, 13, 24], and preliminary work shows similar behavior in CZTSeS devices [85].
In particular, the inclusion of Na during CZTSeS thin film growth significantly increased the grain
size, improved the film compactness, and increased the film conductivity (both carrier
concentration and hole mobility) [85, 87]. However, the diffusion of Na in CZTS appears less than
that of Na in CIGSe, evident from lack of detection of Na on the surface of CZTS after film growth.

Moderately high device efficiencies of 12.6% have been achieved for CZTS, but all aspects
of CZTS device design merit continued investigation. Scalable and reliable fabrication methods,
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capable of producing phase-pure, void-free CZTSeS absorber layers have yet to be demonstrated.
Such advancements will require better understanding of the crystal formation processes and defect
behavior of CZTSeS. In particular, future improvements to the device performance will likely
require the optimization of the device architecture for the CZTSeS material system, in order to
enhance the stability and band alignments at the back contact and front contact interfaces.
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3 THIN FILM FABRICATION METHODS

3.1 PULSED LASER DEPOSITION

3.1.1 Background
Fig. 3-1 illustrates a typical pulsed laser deposition (PLD) system. An externally-mounted,

high-power laser focuses a beam through lenses onto a target material inside a vacuum chamber.
The high-intensity irradiative flux vaporizes material from the surface of the target, ejecting a
plume of material normal to the target surface and onto a heated substrate. The target holder
rotates in order to provide undamaged ablation surface, and the substrate holder typically slides in
order to adjust the target-substrate distance [1, 2]. Deposition takes place under vacuum (10 to
1 torr) and may include a reactive or inert deposition gas [1, 2]. A turbo pump with secondary
rotary roughing pump provides the necessary vacuum pumping, and a mass flow controller adjusts
the deposition gas pressure [1]. The thin films fabricated by PLD in this thesis were deposited
either in high vacuum or in background Argon gas. The target surface can be cleaned of
contaminants by laser cleaning in order to reduce exfoliational splashing, and a movable shutter
prevents contamination of the substrate during the target surface cleaning [1].

eater
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Fig. 3-1. Schematic of typical pulsed laser deposition system
(representative of top-down view of EETD PLD system described later)

Pulsed laser deposition represents a useful laboratory-scale fabrication tool to quickly study
different material combinations and layer interfaces. PLD systems offer flexibility in the choice of
deposition materials and readily accommodates multilayer depositions by use of a rotating target
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rack [3]. Furthermore, the nature of the laser-ablation processes, described in detail later, permits
congruent deposition for nearly any target material [1, 2, 4], a particularly important deposition
feature for complicated multi-component materials such as CZTS. This characteristic has been
the driving force behind the adoption of PLD [1, 2, 5]. Finally, the higher kinetic energy content
associated with laser ablation often means that the crystallinity of the film can be maintained with
lower substrate temperatures during film growth [6], allowing a broader range of substrate
materials to be employed [2].

Three main drawbacks have prevented more widespread adoption of PLD systems,
including particulate deposition (splashing), film non-uniformity, and low throughput. Splashing
involves the generation of micron-sized particulates during ablation, which then deposit on the
film surface [2]. In semiconductor films, these splashed particulates can severely degrade
electronic quality and serve as sources of shunting in multilayer devices [2]. Furthermore, laser-
ablation plumes are highly forward-directed with a thin angular distribution, making uniform
deposition over large areas difficult [2]. Decreasing the laser fluence and increasing the target-
substrate distance can significantly reduce splashing and improve the thickness uniformity.
However, as results of Chapters 5 and 6 demonstrate, optimal deposition conditions typically result
in very low deposition rates. For a more detailed discussion of pulsed laser deposition and
alternative physical vapor deposition techniques, the reader is referred to a few of the many
available texts on the subject [2, 7-9].

3.1.2 Physical Processes of Deposition
Pulsed laser deposition involves many complicated physical processes, the effects which are

not always distinguishable. However, the process can be roughly divided into four main stages:
1) laser-target interaction and ablation, 2) plume propagation, 3) plume-substrate interaction and
deposition, and 4) nucleation and crystal growth of the thin film on the substrate. Fig. 3-2 shows
a typical ablation plume.

Fig. 3-2. Pulsed laser ablation plume

The target absorbs the laser energy in a thin layer near the surface, resulting in evaporation
and ejection of material according to various ablation mechanisms. These ejected particles form
an ablation plume, consisting of atoms and ions with high kinetic energy content. When splashing
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mechanisms are active, the plume will also contain micron-sized particulates. In the presence of a
background gas, the ablation plume expands according to classical gas dynamics, with a highly
forward-peaked distribution. Depending on the laser irradiance and wavelength, the laser
irradiation may interact with the plume. Particles condense from the plume on to the substrate,
and film nucleation and growth proceeds according to conventional growth modes. These growth
models must be augmented to account for the high kinetic energy of the plume and the pulsed
nature of the ablation.

3.1.2.1 Laser-target interaction and ablation
In pulsed laser deposition, laser irradiation ablates material from the surface of a target,

which then deposits onto a substrate to form a thin film. The nature of the laser-target interaction
varies widely depending on a variety of system parameters, including laser fluence, laser
wavelength, laser pulse duration, target material, and target surface condition. Laser ablation
divides roughly into two regimes: low fluence (F < Fu1) and high fluence (F > F.y), where Fau
denotes the laser ablation fluence threshold [1, 2, 10, 11]. The laser ablation fluence threshold
refers to a fluence level (Fap ~ 1 J/cm?), below which the ablation rate remains low, and above which
the ablation rate increases steeply and a dense plume or plasma forms above the target surface [1,
10, 12-14]. Thermal ablation processes dominate the low fluence regime, and they are generally
characterized by incongruent deposition [1, 14, 15], while electronic ablation processes dominate
the high fluence regime and are characterized by congruent deposition [14].

Primary ablation mechanisms include thermal, electronic, hydrodynamic, and
exfoliational [2, 10]. Both thermal and electronic ablation plumes consist of atomic-size particles
released from the target surface [10]. Hydrodynamic and exfoliational ablation processes, on the
other hand, liberate bulk-size material into the ablation plume [10]. Laser ablation processes are
inherently complex, and often many ablation processes are active. Subsequently, these processes
and their effects are often indistinguishable [2, 10, 11].

The conversion of incident laser energy to vibrational energy in the lattice prior to bond
breaking corresponds to classical thermal evaporation [10]. In this case, the solid target surface
is heated, melted, and finally vaporized. Classical evaporation dominates the low-fluence laser
ablation regime, in which electronic ablation mechanisms are less active [10], and evaporation
rates depend on the target material properties. Subsequently, thermal ablation of multi-
component targets results in variable evaporation rates for the constituent species, thereby causing
a loss of stoichiometry in the deposited film [1, 5]. Ablation rates associated with high-fluence,
electronic mechanisms are less dependent on the material properties, increasing congruence of the
deposition species and representing one of the major benefits of pulsed laser deposition [1, 2].

Electronic ablation involves chemical bond breaking resulting directly from electronic
excitations with little or no energy transfer to lattice vibrations [10]. Various mechanisms and
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models have been proposed to account for these electronic excitations and resulting ablation,
including photochemical bond breaking, coulomb explosion, defect formation and surface
plasmon excitation [1, 2, 10]. Laser irradiance and laser fluence values typically associated with
electronic ablation are of the order 10° - 10* W/cm? and 1 - 10 J/cm?, respectively [1, 2, 16].
Distinguishing the presence and individual effects of the various electronic mechanisms is often
difficult, although electronic ablation processes generally share many similar characteristics [2, 11],
including simply the existence of a threshold laser fluence. The ablation plumes contain non-
thermodynamic yields of molecules, atoms, and ions, with high ionic (~10%) and kinetic energy
content (KE ~ 0.2 - 50eV) [1, 2, 11]. The high ionic and kinetic energy content tends to increase
the film crystallinity, as discussed in Section 3.1.2.3. Lastly, the plume contains relative species
concentrations similar to the bulk target material, ostensibly the most important characteristic of
electronic ablation processes [11].

Hydrodynamic ablation results when transient melting processes liberate bulk-sized
material from the target surface [2, 10, 17], resulting in the deposition of spherical micron-sized
particulates on the film substrate [10]. These transient melting processes include melt layer Taylor
instabilities and subsurface boiling [2, 10, 17]. Exfoliational ablation involves the erosion of solid
flakes from the target surface [2], which are then carried by the plume to the substrate. These
eroded flakes are irregularly shaped, a feature that readily distinguishes exfoliated particulates from
hydroynamically splashed particulates [2]. Recurring thermal shocks of the target form surface
cracks [2], serving as energy-absorbing defects along which flakes separate [10]. Erosion of the
target surface causes exfoliational ablation, and thus the presence of defects or contaminants will
enhance this ablation mechanism [2].

WD18). 7mm 15/ 0KV %5/, k. 15unf.

Fig. 3-3. Hydrodynamically-formed, spherical "splash" droplets

Splashing involves the formation and deposition of unwanted droplets in the film, ranging
in diameter from a few hundred nanometers to several ten of micrometers [1]. Fig. 3-3 shows
typical, hydrodynamically-formed droplets. = Hydrodynamic and exfoliational ablation
mechanisms, a collection of processes which are active for most target materials [2], cause
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splashing. As a major source of degraded film quality, splashing has prevented more widespread
adoption of pulsed laser deposition [1, 2, 11]. Therefore, splashing mitigation strategies have been
a significant focus of PLD research over the past twenty years. Decreasing the laser wavelength,
decreasing the laser fluence, increasing the target thermal conductivity, and increasing the quality
of the target surface mitigate the sources of splashing and increase film quality [1, 2, 11]. In cases
where the sources of splashing cannot be eliminated, additional strategies have been developed to
prevent the micron-sized droplets from reaching the substrate [1]. However, these mitigation
strategies are typically overly cumbersome and difficult to implement, or negatively impact the
stoichiometry of the deposited films.

3.1.2.2 Plume propagation
Plume propagation behavior can be divided into two regimes: low-collision (P < 300mtorr)

and high-collision (P > 300mtorr) [11]. In the low-collision regime, most common for PLD
processes, collisions are infrequent and must be treated stochastically [10, 11], typically using a
direct Monte Carlo method [10, 11]. The plume evolution associated with electronic ablation
depends on the characteristics of the vapor-plasma layer, and the propagation can be considered
in terms of conventional gas dynamics with some modifications made for the laser-plasma
interactions [2, 10]. Plumes developed during both thermal and electronic ablation exhibit high-
forward peaking of the kinetic-energy distributions (cos*0 to cos'°0), resulting in highly directional
(normal) propagation [2, 10].

Singh developed theoretical models of the laser-target interaction and subsequent plume
evolution, yielding a number of important relationships between the deposition parameters and
the structure of the plume and the deposited film [9]. For depositions in high-vacuum, there still
exists a brief period in the initial ablation that classifies as high-collision, where continuum fluid
mechanics hold. Singh models this initial plume formation as an isothermal expansion, which
yields plume dimensions on the order of 1 - 4mm diameter and 20 - 100pum long (perpendicular
to the target) [9]. Subsequent expansion proceeds according to low-collision, adiabatic expansion,
which depends on the size and temperature of the plume, as well as the mass of the constituent
species [9]. The species velocities depend strongly on the plume dimensions at the start of
adiabatic expansion, such that the highest velocities proceed along the shortest lengths of the
plume. That is, the highest velocities proceed perpendicular to the target, yielding the highly
forward-directed plumes previously described [9]. Furthermore, the species velocities also depend
on the species mass and the plume temperature.

Theoretically, species velocities show an inverse square root relationship with their masses,
but interactions in the plume likely weaken this effect. Experimental measurements have shown
variations in velocity according to M ** for some multi-component targets, where M is the mass
[9]. The velocity decrease in higher mass species decreases their perpendicular to transverse
velocity ratios, thereby spreading out the mass distribution in the plume and weakening the
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forward-peaking [9]. Higher mass elements will spread more strongly in the plume (e.g. increase
their FWHM), causing stoichiometry changes across the film, which depend on the location on
the film relative to the center of the plume [9].

Increasing the temperature of the plume, by increasing the incident laser fluence, increases
the velocities of all species within the plume, causing an overall increase forward-peaking of the
plume and weakening the effect of species mass on particle distributions within the plume [9]. At
high enough laser fluences, spatial variations in the stoichiometry across the film can effectively be
eliminated [9].

3.1.2.3 Plume-substrate interaction and deposition
The deposition characteristics of the film and the deposition rate will to a large extent be

determined by the particle characteristics within the plume and the target-substrate geometry. As
described in Section 3.1.2.1, two distinct plume composition regimes exist for PLD processes
corresponding to the two laser ablation regimes, low-fluence and high-fluence. In the low laser-
fluence regime, thermal ablation dominates [14], yielding plumes containing kinetically low-
energetic atomic species in non-stoichiometric concentrations relative to the target material [1, 2,
14, 15]. In the high laser-fluence regime, electronic ablation dominates [14, 15], yielding plumes
containing kinetically energetic species in elemental concentrations similar to the target material
1,2, 14].

Film properties depend strongly on the kinetic energy and compositional characteristics of
the ablation plume. Increased film crystallinity has been attributed to the high ionic and kinetic
energy content of high-fluence laser ablation plumes [2, 15]. The energetic ions are thought to
enhance adatom surface diffusion and film annealing, mechanisms which support crystalline film
growth and permit lower epitaxial growth temperatures [15, 16]. While generally beneficial to film
growth, ions with too much kinetic energy may actually cause sputtering or damage to the
substrate surface [15].

Within the high laser-fluence regime, decreasing laser fluence can aid film quality by
reducing the density of splashed particulates and also by reducing sputtering damage to the film
surface. Increasing the target-substrate distance reduces the solid angle of the plume intercepting
the substrate, thereby sampling a narrower and more uniform portion of the plume. As previously
discussed, this smaller solid angle makes alignment between the congruent, forward-peaked
portion of the plume and substrate more critical. Moreover, the increased distance reduces the
kinetic energy of particles impinging on the substrate helping to reduce any sputtering damage to
the films. Decreasing the laser fluence and increasing the target-substrate distance as described
above can significantly improve film quality, but this comes at the cost of dramatically reduced
deposition rates [1].

3-6



3.1.2.4 Nucleation and crystal growth on substrate
Conventional film-nucleation and growth models assume steady-state deposition

processes, well-representative of techniques such as molecular beam epitaxy (MBE) [2]. However,
PLD differs from MBE in two fundamental ways. First, PLD is not a steady-state process, instead
involving periodic bursts of rapid, near-instantaneous deposition [3]. Second, the kinetic energies
of the deposition species are one to two orders of magnitude higher for PLD than for MBE [3].
Efforts have been focused on modifying conventional growth models to account for the periodic
deposition and kinetically energetic deposition species [2, 3]. Indeed, experimental studies
demonstrate similar morphological evolutions for MBE, thermal evaporation, and kinetically
energetic laser ablation processes [3]. A brief review of conventional thin film growth models can
be found in [2], including Volmer-Weber, Frank-van der Merwe, and Stranski-Krastinov models.
Furthermore, Section 3.3 discusses the physics of crystal phase formation CIGSe and CZTS thin
films, processes that are general to film growth associated with PLD and annealing.

Substrate deposition temperature also represents a significant parameter in nucleation and
tilm growth, influencing both the crystallinity and the stoichiometry of the deposited film. Higher
substrate temperatures increase adatom surface diffusivity, thereby increasing film crystallinity
[1, 2]. However, high substrate temperatures in vacuum can also result in re-evaporation of
elements from the film surface and decomposition of the films, a common problem associated with
tin and sulfur elements in CZTS films, and discussed further in Section 3.3.2.2 [18].

3.1.3 Experimental Details

3.1.3.1 Equipment and Set-up

Pulsed laser deposition of thin films for this dissertation was performed using two different
deposition systems, designated as EETD and EMAT. The following sections summarize the laser
performance and deposition configuration for each of these systems.

EETD PLD System
The EETD pulsed laser deposition system is configured as shown schematically in Fig. 3-1.

The deposition system utilizes a LambdaPhysik LPX 210i KrF excimer laser that produces a 248nm
wavelength beam with 25ns pulse duration. The laser provides a stable energy between 150 —
450m] and a repetition rate between 1 - 10Hz. Quartz plates and copper mesh are used in the
beam line, in some cases, to attenuate the laser energy below its minimum stable value. The laser
fluence can also be adjusted by modulating the spot size of the beam on the target, achieved by
adjusting the distance of the focusing lens using a fine-tuning positional stage. The low ablation
threshold of CIGSe sputtering targets generally required the use of attenuating optics, as well as
spot size-tuning, to achieve the desired ablation characteristics.

During the course of deposition, the ablated material unintentionally deposits on the
vacuum chamber optical window, reducing the transmitted laser energy to the target. To mitigate
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this effect, the optical window employs a “sacrificial” quartz window that is replaced before each
deposition. Despite this preventative maintenance, the laser energy decreases over long
depositions and cannot be avoided.

Table 3-1. CIGSe Sputtering Target Compositions

Molar Composition
Cu In Ga Se

CIGSe - 1 1.00 075 0.25 2.00

Target ID

Single layer films of CIGSe, 100-500nm thickness, were deposited onto soda lime glass
substrates by PLD from a single, hot-sintered sputtering target with the composition specified in
Table 3-1. The target was not polished between depositions out of concern for contaminating it
with the polishing agent. Depositions were conducted under high-vacuum (~5x107 torr).

Fig. 3-4. Substrate holder for EETD PLD system

Four substrates were typically installed per deposition as shown in Fig. 3-4, using DuPont
4929N silver paste. The substrates were nominally located ~4 inches from the target. During
deposition, the substrate temperatures were varied between room temperature and up to 450°C
using a resistively heated mounting block. Substrates were allowed to cool passively back to room
temperature after deposition.

EMAT PLD System
The EMAT pulsed laser deposition system is configured as shown in Fig. 3-5. The

deposition system utilizes a Coherent Pro 205F KrF excimer laser that produces a 248nm
wavelength beam with 20ns pulse duration. The laser provides a stable energy between 200 —
550m] and a repetition rate between 1 — 30Hz. As originally configured, the laser spot size on the
target was limited to ~6.14mm? due to the focal length of the condensing lens and the geometry of
the chamber. In a few cases, copper mesh (same as in EETD) was used to attenuate the laser energy
below 200m]J.

Similar to the EETD PLD system, the ablated material unintentionally deposits on the
vacuum chamber optical window, reducing the transmitted laser energy to the target. As originally
configured, no sacrificial window was used in the chamber. Over the course of several months, the
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window became heavily coated, severely decreasing the incident laser energy during deposition.
However, coating rates were sufficiently low that depositions performed consecutively within the
same week experienced a negligible decline in the incident laser energy. Using alaser energy meter,
the losses in the optics chain were measured, and to the best estimation, variations in the laser
energy due to window coating are accounted for in the presented fluences in Chapter 6. Eventually,
the chamber was re-configured to incorporate sacrificial quartz windows, which were then
replaced weekly.

petrateiDller / Heater
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Fig. 3-5. Side view of EMAT PLD chamber

Single layer films of CZTS, 100 - 500nm thickness, were deposited on soda lime glass
substrates by PLD from single, hot-sintered sputtering targets with the compositions specified in
Table 3-2. After initial pumping to ultra-high vacuum (<107torr), films were deposited in Argon
background (15mtorr) with a 2sccm flow rate. Nine substrates were installed per deposition using
a metal mask and holder, at locations varying between 9 and 11cm from the target. During the
deposition, substrate temperatures were varied between room temperature and up to 500°C using
an infrared heater and silicon backing wafer. Substrates were allowed to cool passively back to
room temperature after deposition.

Table 3-2. CZTS Sputtering Target Compositions

Molar Composition
Target ID
Cu Zn Sn S
CZTS -1 1.92 1.22 1.00 4.25
CZTS -2 1.90 1.25 0.85 4.25
CZTS -3 1.80 1.32 0.85 4.25
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Materials
Sputtering targets with the compositions shown in Table 3-1 and Table 3-2 were purchased

from American Elements. The sputtering targets were prepared via hot-sintering.

Table 3-3. Composition of Corning 0215 SLG substrates

Atomic %
Si (0] Na Ca Mg
0.26 059 012 0.04 0.01

Corning 0215 soda lime glass substrates (SLG) were purchased from Ted Pella, P/N 26005.
These substrates were used for all pulsed laser deposition studies, and Rutherford backscattering
analysis of the substrate indicated the composition shown in Table 3-3.

3.1.3.2 Methodology
Prior to deposition, the soda lime glass substrates, 0.25-inches per side, were cleaned

ultrasonically in acetone, alcohol, and ultra-high purity (UHP) water for 20min each cycle, and
then blown dry with nitrogen gas. Substrates were then mounted in the sample holder, using either
DuPont 4929N silver paste or a metal mask. To cure the silver paste, substrates were heated to
65°C for 35min prior to installation into the deposition chamber. Sacrificial quartz windows were
then replaced.

The chamber was then pumped down to < 5x10”torr or <1x107torr for the EETD and
EMAT deposition systems, respectively. After reaching the desired vacuum level, substrate
temperatures were adjusted to the desired value using either the resistive or infrared heaters and
allowed to stabilize. The background gas, if used, was then adjusted to the deposition pressure
using the desired gas and flow rate. After the pressure stabilized, the substrates were either
shuttered or moved as far back from the sputtering target as possible.

In the EETD chamber, the target rotator would then be started. In the EMAT chamber,
the target rotator, sample holder rotator, and the rastering piezo would then be started. The laser
was then turned on at the lowest stable energy and 1Hz repetition rate and the spot size/location
adjusted as desired. The laser energy and repetition rate were then adjusted to the desired
deposition condition, and run for several minutes to “clean” the sputtering target surface and to
verify the plume stability. Finally, the sample holder would be moved to the desired target-
substrate distance, and the shutter removed to initiate deposition.

3.2  ELECTROCHEMICAL DEPOSITION

Citations are provided and relevant texts are recommended throughout this section.
However, I would like to acknowledge Scragg [19], Paunovic [20], and Bard [21], as this
electrochemical deposition background section draws strongly from these works. For a more
comprehensive review, the reader is strongly encouraged to visit these excellent texts.
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3.2.1 Background
Fig. 3-6 illustrates a typical electrochemical cell used for electrodeposition of thin films.

The cathodic deposition cell includes two conductive electrodes immersed in an aqueous solution
that contains a mix of cationic (reducible) and anionic species. Typically, these electroactive
species are introduced into the deposition bath in the form of metal salts (e.g. CuSO,, ZnSO,,
SnSO,), which form the cationic deposition species (e.g. Cu**, Zn**, Sn**) and anionic species
(SO4*) that supports the ionic current but does not participate in relevant reactions to the
deposited film. The application of a sufficiently large external potential initiates a conduction
current, indicated as the dashed line in Fig. 3-6. Conductive electrodes carry the current by
electron drift, and the electrolyte bath carries an equal current by combinations of ionic drift
(migration) and diffusion. At the metal-electrolyte interface of the working electrode, cationic
species gain electrons and deposit on the electrode, according to the reaction (3-1) [19, 20]. At the
anode, typically an inert material like platinum in three-electrode cells [21], a water splitting-
reaction (3-2) completes the circuit. Section 3.2.2.2 describes three-electrode cells in more detail.

M(Z;q) +ze” —)M(OS) (3-1)
H,0 —>%02 +2H" +2e (3-2)

The deposition reaction continues as long as the external potential remains applied,
although conditions in the cell may evolve over time and modify the process [22]. As the
deposition proceeds, the concentrations of cationic (deposition) species decrease unless they are
replenished [19]. Commercial plating processes often employ the deposition metal as the anode
material, which anodically dissolves in proportion to the deposition current, in order to maintain
the concentration of cations [19]. Furthermore, the metal-solution interface changes as the
deposition material coats the conductive substrate, and the interface may continue to evolve
depending on the nucleation and film growth mode of the deposition.

|4_L-_-_-

Cathode ~| Anode

Substrate

___________

Aqueous

Fig. 3-6. Two-electrode electrochemical cell, adapted from [19]
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The concentration of ionic species, reduction potential of the deposition species, the
applied external potential, the mass transport properties, and the electrode configuration all play
important roles in the growth behavior and the properties of electrodeposited films. The
remainder of this section provides a brief review of relevant electrodeposition processes and
electrochemistry theory; for a more detailed review, the reader is referred to a few of the many
excellent texts on the subject [20-24].

3.2.1.1 Constant Current vs. Constant Potential

Constant current (galvanostatic) and constant potential (potentiostatic) control
compose the two primary modes of operation during electrodeposition. In galvanostatic control,
the external applied potential varies continuously in order to maintain a constant current
throughout the deposition. In potentiostatic control, the external applied voltage remains
constant throughout the deposition, allowing the deposition current to vary accordingly. The
voltage device, known as a potentiostat, maintains the constant voltage or constant current by
means of relatively simple op amp-based control circuitry [21]. Most of the work reported in this
dissertation employs constant potential control, and the reader may assume potentiostatic control
of presented experimental results unless otherwise noted.

3.2.1.2 Stacked Elemental Layer vs. Co-Deposition Processes
Three primary strategies have been employed to achieve Cu,ZnSnS, thin films by

electrodeposition, including: 1) stacked elemental layer (SEL) deposition of metal precursors with
sulfurization reaction, 2) single-step co-deposition of metal precursors with sulfurization reaction,
and 3) single-step co-deposition of all elemental components, which may or may not include
further sulfurization.

SEL deposition of metal precursors involves the sequential deposition of each of the metal
elements in the film, with the thickness of each layer adjusted to achieve the desired stoichiometric
ratio. The metal precursor films are then annealed under sulfur background (e.g. H,S or elemental
sulfur) to incorporate sulfur and transform the film into the desired kesterite phase CZTS. An
intermediate, low-temperature annealing step can promote metal alloying, helpful in the phase
formation of kesterite CZTS [19]. The main advantages of this fabrication method include
simplicity in deposition and flexibility in film stoichiometry. Due to the wide-ranging reduction
potentials of the metals, there are some restrictions on the layering sequence of the metals [19].
Further, local variations in the film thicknesses of the metal precursors can lead to microscopic or
macroscopic stoichiometric variations throughout the final films, decreasing the electronic quality
of the films [19]. Even for highly uniform stacked layers, annealing and sulfurization must be
properly controlled to achieve uniform mixing of the precursors.

Co-deposition of the metals can improve homogeneity of the metal precursor films,
potentially yielding more uniform CZTS films [19]. In particular, the relaxed conditions on the
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precursor film uniformity improve the adaptability of the fabrication method to commercial scale
electrodeposition techniques. For instance, Scragg relied on the use of rotating disc electrode
configurations to achieve the desired film uniformities [19], a process not readily scalable.
However, finding deposition parameters that can simultaneously accommodate the
electrodeposition of multiple elements represents a major challenge of the co-deposition approach
[19]. For instance, the standard reduction potentials for copper, zinc, and tin vary widely, as shown
in Table 3-4. A single deposition potential must be found which can concurrently reduce the metal
elements at the correct rates to yield desired film stoichiometries, frequently requiring the use of
complexing agents to shift the deposition potentials closer together [22, 23].

Moreover, literature has shown that the deposition behavior of multi-element
semiconductors can be quite complex, resulting from metal-metal alloy and metal-chalcogen
compound deposition mechanisms that significantly alter the reduction process [22, 25-27]. The
interdependency of the ionic species stabilities, the elemental reduction mechanisms, and the alloy
reduction mechanisms makes it difficult to optimize the deposition or alter the film stoichiometry
in a predictable way [19], as the results of this dissertation will show. Once accomplished, the more
highly-mixed and uniform co-deposited film may aid crystal phase formation of kesterite CZTS
during sulfurization. Single-step deposition of all four elements Cu-Zn-Sn-S in the appropriate
stoichiometries may also eliminate the need for sulfur background during post-annealing [28],
which would dramatically simplify the fabrication process. Partial sulfur content in the precursor
films (14 - 18%) has also been shown to improve the quality of annealed films through the
reduction of voids [29], as discussed in Section 3.3.2.2.

3.2.1.3 Advantages and Disadvantages
As an atmospheric process, electrodeposition represents an attractive deposition method

because it reduces the use of expensive vacuum equipment [18, 30]. Further, the scalability of
electrodeposition has been demonstrated in large-scale industrial deployment of conventional
metallic plating, and also in the semiconductor industry through the use of copper damascene
electroplating techniques [18].

Frequently, however, electrodeposition involves the use of toxic processing materials,
generating large volumes of chemical waste. Moreover, the quality of the films, in particular for
the CZTS system, must improve in order to be competitive with other deposition techniques. To
date, the best CZTS device deposited by electrodeposition (SEL method) has achieved 7.3%
efficiency [31], while the champion CZTS device deposited by nano-ink spin-coating has achieved
12.6% efficiency [32].

3.2.2 Physico-Chemical Processes of Deposition
Electrodeposition involves many physico-chemical processes that depend on the following

fundamental subjects: 1) the metal-electrolyte interface, 2) the equilibrium electrode potential,
3) the kinetics and mechanism of electrodeposition, and 4) nucleation and film growth. As
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discussed in Section 3.2.1, the physico-chemical processes of deposition become increasingly more
complex in transitioning from single-element electrodeposition of metals, to multi-element
electrodeposition of alloys and compounds, to multi-element electrodepositions of alloys and
compounds plus chalcogen components. In this section, the simplest process elements are
discussed first, adding complexity where appropriate.

3.2.2.1 The Metal-Electrolyte Interface

Properties of Water and Ionic Solutions
Liquid water (H,O) contains a collection of individual water molecules. The H-atoms and

O-atom are covalently bonded, organizing into bonding sp3 orbitals with two lone electron pairs
occupying the remaining two sp3 orbitals of the O-atom [20]. Electrons are more attracted to the
atom with higher electron affinity (the O-atom), and bonding electrons spend more time around
this atom than the other, inducing overall charging of the two bonding atoms and creating a dipole
moment [20]. For this reason, water is a polar molecule and electrostatically interacts with other
polar molecules, including itself [20].

Ionic crystals, or salts, are ionically bonded crystals consisting of alternating positive and
negative ions [20]. These salts, such as CuSO, and ZnCl,, are frequently dissolved in water to
supply the necessary electroactive ions. All of the solutions used in this dissertation rely on metal
and chalcogen salts to supply the depositing species: CuSOs, ZnSO,, SnSO4, and Na,S;0s. The
dissolution process includes bond-breaking and separation from the lattice [20], and the dissolved
ions may interact with water molecules or with other dissolved ions. In the former, ions interact
with the dipole charges of the water molecules, causing the water molecules in the immediate
vicinity to preferentially orient themselves according to the electrostatic forces between the charge
of the ion and the dipole moment of the water molecule [20]. This forms a hydration shell which
sheaths and moves with the ions as they move through the solution [20]; in this case, the ions are
said to be solvated. These ion-water molecule interactions become particularly important in the
development of the electric double-layer.

Properties of Metal Surfaces and Adsorption Processes
The surface of a metal refers to the topmost few layers of atoms, specifically those layers

which are affected by the surface boundary and which interact with the electrolyte [20]. The
outermost layer of atoms remains unbound on its free surface, causing a load imbalance which
results in surface relaxation of the lattice [20]. Other surface defects may also be present in real
surfaces, including: screw and edge dislocations, vacancies, substitutional defects, kinks, and
adsorbed impurities [20]. Metal surface dislocation defects play important roles in adsorption and
nucleation processes. Specifically, localized surfaces states may exist at the metal surface, which
have energies within the forbidden regions associated with the bulk, and which effectively smear
out the charge distribution at the surface [20]. Positive charges distribute inside the surface and
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negative charges distribute outside the surface, yielding electron tails which may bond with
adsorbed species [20].

Bard describes four methods of adsorption at the metal interface, including: purely
electrostatic adsorption, specific ionic adsorption, adsorption of uncharged species (including
dipoles), and chemisorption [33]. Purely electrostatic adsorption relies solely on long-range
electrostatic forces to hold a given ionic species at the surface of the metal. Specific ionic
adsorption implies the action of short-range forces that are specific to the given metal and
adsorbate. Adsorption of uncharged species involves adsorption of a neutral species without
significant chemical bond formation [33]. Finally, chemisorption achieves adsorption of an atom
or molecule through the formation of chemical bonds with the metal surface, and it involves the
highest adsorption energies [20, 33].

The Electric Double-Layer
The charge-transfer processes associated with deposition demonstrate Faradaic behavior,

such that the extents of the reactions are proportional to the current flows [21]. In these processes,
charge transfers across the solid-electrolyte interface. Additional non-Faradaic processes may
also be active as a result of adsorption-desorption processes and structural changes to the solid-
electrolyte interface that result from shifts in potential or electrolyte composition [21]. In non-
Faradaic processes, no charge transfers across the interface [21]. The interface behaves similar to
a capacitor in this case, and transient currents may flow [21]. While Faradaic processes
predominate during deposition, the nature of the electric double-layer can strongly influence their
behavior.

Due to the Fermi levels in the solid and electrolyte, the applied potential, the exchange of
ions between the solid lattice and the electrolyte, and adsorption-desorption processes at the
interface, the solid surface will develop a charge at the interface qum [20, 21]. At equilibrium, no
current flows, and the interface region must be charge neutral, such that an equal and opposite
charge must exist within the electrolyte -qs [20]. Within a metal solid, the charge qu will reside
entirely at the surface as a sheet charge, due to the high conductivity of the metal (e.g. high carrier
concentration). Within the solution, the charge will be supported by a distribution of cations,
anions, and oriented solvent molecules near the solid surface [20]. Helmholtz originally
represented the interface using a simple two-layer model, referred to as the electric double-layer.
This model consists of two charge layers, qu and qs, separated by a distance d, defined by the closest
approach of the solvated electroactive species and designated the Helmholtz plane [20]. In this
case, the electric double layer behaves as a parallel-plate capacitor, obeying the classical
relationship (C=¢/4nd), where C is the capacitance, € is the dielectric constant between the metal
surface layer and the Helmholtz plane, and d is the distance of the Helmholtz plane from the metal
surface. A distribution of charge yields an electric field at the interface, which varies with the
associated potential distribution at the interface. Subsequently, polar solvents such as water will
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experience a force on the molecules near the metal surface which reorients their dipole moment
in-line with the electric field.
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Fig. 3-7. Schematic of the electric double layer model, adapted from [20]

Others have since expanded on the solution-side layer to include multiple layers [21],
although the original moniker electric double layer is still generally used. More recent models
divide the solution side into the inner plane, the outer plane, and the diffuse layer. The inner plane
contains the reoriented solvent molecules, as well as specifically adsorbed ions, and this Inner
Helmbholtz Plane (IHP) is defined by the centers of these molecules and ions [21]. The outer layer
contains the closest-approach solvated ions, whose distance to the metal surface is limited by water
molecules hydrating the ion, and the layer designated as the Outer Helmholtz Plane (OHP) is
defined by the center of the ions [21]. These ions are called nonspecifically adsorbed ions, since
they involve long-range Coulombic forces which are independent of the specific chemical
properties of the ions [21]. The outermost diffuse layer consists of a distribution of the
nonspecifically adsorbed ions between the OHP and the bulk of the solution. Fig. 3-7 shows the
electric double layer model, including solvated cations (2+), specifically adsorbed ions (2-), and
water molecules (W). Varying sizes of the ions and water molecules are intended to help identify
them, and the radii shown are not to scale. See [21] for a more comprehensive description of the
model. Note that the properties of the electric double layer can strongly influence the adsorption
behavior of the system. For more information on this topic, the reader is referred to [21, 34].

3.2.2.2 The Equilibrium Electrode Potential

The Three-Electrode Cell
The most basic electrochemical cell consists of a cathode and an anode, as shown in Fig.

3-6. In cathodic electrodeposition of metals and semiconductors, the working electrode (e.g. the
substrate) acts as the cathode, while the anode completes the electric circuit. A potentiostat
connected between the cathode and anode maintains a constant potential on the cathode relative
to the anode. An ideal, non-polarizable electrode, whose potential does not vary under current
loading [21], provides the most accurate measure of changes in potential at the working electrode
by maintaining a fixed reference potential.
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However, such an ideal reference electrode placed in-line with the circuit measures not
only the potential drop across the electric double-layer but also the potential drop associated with
the resistance of the electrolyte [21]. In cases where this iR, term is large, true for electrodeposition
processes which involve large surface areas and comparatively high currents (mA), then it becomes
necessary to introduce a third electrode. In this case, an auxiliary, or counter electrode, passes the
current, and the reference electrode placed near the working electrode bypasses the majority of the
ohmic drop in the electrolyte and conducts negligible current itself [21]. Only a small
uncompensated resistance (R.), which depends on the electrolyte conductivity and the electrode
distance, remains. Fig. 3-8 shows a typical three-electrode cell.
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Fig. 3-8. Three-electrode electrochemical cell, adapted from [19]

Equilibrium Electrode Potential

Thermodynamics provides a powerful framework to relate the potential distributions
through the electrochemical cell to the free energy changes in the system. However,
thermodynamics inherently describes systems in equilibrium, and its applicability depends on the
degree of reversibility in the system. In the case of electrodeposition, chemical reversibility and
thermodynamic reversibility must be considered [21]. Chemical reversibility refers to the degree
to which chemical reactions may proceed in forward and reverse directions. In a simplified view,
if a net reaction cannot be reversed after reversal of the cell current, then the cell is not chemically
reversible [33]. Thermodynamic reversibility refers to the ability of a reaction to reverse direction
under an “infinitesimal reversal of the driving force” [21]. Real systems cannot exhibit true
thermodynamic reversibility, since state changes through infinitesimal steps would take infinitely
long to complete. However, a system may be practically reversible, such that it follows the Nernst
equation relating the electrode potential to the species activity via the thermodynamic properties
(free energies) of the system [21].
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The change in Gibbs free energy of a charge transfer process, associated with cationic
reduction during electrodeposition, can be related to the work done by the cell, as shown below
(20, 21]:

|AG|=W =qV = zF|¢| (3-3)

where AG is the change in Gibbs free energy, W is the work performed by the cell, q is the total
charge involved in the transfer, V is the voltage, z is the number of electrons transferred per atom,
F is faraday’s constant, and ¢ is the electromotive force [21]. Electromotive force (emf) relates the
potential of the cell to a specific reaction, in order to assign a direction to a thermodynamic
property otherwise inherently directionless [21]. A negative AG implies spontaneous reaction
takes place, and by convention ¢ is defined as positive for this case, such that:

AG =—zF¢ (3-4)

Under standard conditions, where all products and reactants are at unit activity, the standard
Gibbs free energy, AG’, and the standard emf, €’, of the reaction may be defined according to Eqn.
(3-5) [21]:

AG® = —zF&° (3-5)

From fundamental thermodynamics, the Gibbs free energy of the general reaction (3-6) may be
expressed as Eqn. (3-7) [20]:

aA+bB+..=mM +nN +... (3-6)
m _n H a
AG = AG® + RTIn| G922 | _ AGY 4 R 1 el (3-7)
aiag,... Ifa,,,

where a, b, m, and n are stoichiometric coefficients, R is the universal gas constant, and T is the
temperature of the reaction. Substituting (3-4) and (3-5) and dividing by -zF, Eqn. (3-7) may be
rewritten in the terms of emf as follows. Eqn. (3-8) is known as the Nernst Equation [20, 21].
5:5°+ElnM (3-8)
zF H[apmd]
where ¢ is the equilibrium electrode potential and €° is the standard potential of the electrode
reaction. Historically, the Nernst equation has been described in terms of electrode potentials,
although it is understood that the values technically represent the electromotive force [33].
Chemical activity, a;, is defined as the ratio of the given species concentration in solution to a
standard concentration (typically 1M) multiplied by an activity coefficient y; that varies with the
concentrations of all species in the solution [20]. In dilute solutions (~0.01M), the concentration
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approximately equals the activity [20]. By convention, the activities of atoms and electrons in a
lattice are equal to 1 [20], and standard concentrations are 1M.

The Nernst equation describes the relationship between the equilibrium electrode
potential and the contacting electrolyte composition [33]. Standard electrode potentials
represent the equilibrium electrode potentials under standard-state conditions, for which the
activities of all product and reactant species are equal to one and subsequently € = &° [33]. The
standard electrode potentials for metal components in the CZTS system are shown in Table 3-4.

Table 3-4. Standard electrode potentials, from [20, 21]

Metal/Metal-Ion Couple Electrode Reaction Standard Value (V) vs. NHE
Cu/Cu?* Cu* +2e = Cu(s) 0.342
Zn/Zn? Zn*" +2e” = Zn(s) -0.762
Sn/Sn** Sn** +2e” = Sn(s) -0.138

Notably, a single electrode reaction does not represent a complete cell, and the Nernst derivation
implicitly assumed a couple to a second half-reaction represented by the normal hydrogen
electrode (NHE), which has been accepted as the standard reference potential, where €’ = 0.
Therefore, the emf of an overall cell reaction may be ascertained through the coupling of two half-
reactions, each referenced vs. NHE [21]. For a more rigorous kinetic derivation of the Nernst
equation, see [20].

Ecent = Eright ~ €lepn (3-9)

Measuring Equilibrium Electrode Potentials: Reference Electrode
As discussed previously, an ideal, non-polarizable reference electrode provides a stable

reference potential, which does not vary with composition or current. The normal hydrogen
electrode (NHE) consists of a Platinum electrode in contact with hydrogen gas and an aqueous
solution containing hydrogen ions, undergoing the reaction shown in Eqn. (3-10) [21]. The NHE
equilibrium potential represents the standard potential against which other half-reactions are
measured. Only changes in potential are relevant, and the NHE equilibrium electrode potential,
under standard conditions, is arbitrarily set equal to zero [20].

2H" +2¢" = H, (3-10)

Another common type of reference electrode includes the Metal-Insoluble Salt-Ion
electrode. A given reference electrode may be more well-suited to a given experiment based on
the composition of the electrolyte and the expense of the electrode. A silver-silver chloride
(Ag/AgCl) reference electrode, of this category, was used for all experiments performed in this
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thesis. The electrode can be characterized by the following reaction, with the Nernst equation (3-8)
applying as follows [20]:

AgCl(s)+e = Ag(s)+Cl (aq) (3-11)

£=0.222-0.0592In[a | (3-12)

where 0.222 represents the standard electrode potential and ac represents the activity of the
chlorine ions. The reference electrode includes a self-contained solution of saturated KCI, which
maintains a constant activity of chlorine ions in solution throughout the electrodeposition process.
Under saturated KCl conditions, the equilibrium potential of the reference electrode Ag/AgCl is
0.197V vs. NHE [20].

Practical Considerations in Electrode Configuration
The choice of material for the counter electrode, as well as the electrode orientation and

electrode spacing within the solution, can have a significant impact on the accuracy of the potential
measurements and the quality of the electrodeposition. In general, the counter electrode should
be conductive, inert and much larger than the working electrode in geometric size [21, 33].

The volume of electrolyte, defined by projecting path lengths along the outer edges of the
working and counter electrodes, roughly defines the current-carrying portion of the bath [21].
Increasing the counter electrode area increases the size of this volume by increasing the average
cross-sectional area, thereby reducing ohmic resistance in the electrolyte current path [21].
Notably, however, the resistance distribution will shift such that a greater portion of the potential
will drop closer to the working electrode, due to the locally reduced cross-sectional area of the
current path, thus increasing uncompensated resistance [21].

Electrodeposition involves the passage of relatively high currents (~10mA), which
inherently give rise to potential variations in the electrolyte associated with its ohmic resistance.
With large currents, these variations may be significant, yielding non-uniform current densities,
and therefore non-uniform potentials, over the face of the working electrode [21]. The size and
the placement of the working electrode relative to the counter electrode can, therefore, significantly
impact the uniformity of the potential during deposition. To maintain a uniform current density
and subsequently uniform potential, the working electrode must be parallel with the counter
electrode and the electrolyte resistance reduced to the extent possible [21]. Large surface area
working electrodes are more susceptible to these geometric variations.

3.2.2.3 Kinetics and Mechanisms of Electrodeposition
Thermodynamics describes the behavior of a system in equilibrium, and so describes only

what processes nature will allow and not necessarily what processes will take place. Kinetics
describes the rate and behavior of the reactions involved in the system, and so describes the way
that systems change state and how quickly they will reach equilibrium [21]. Both thermodynamics
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and kinetics are required to describe the behavior of real systems. In some cases, the
thermodynamics may be favorable for a given transformation to occur; however, the kinetics of
the reactions involved may be so slow that this transformation may never be realized on a practical
timescale. For instance, the kinetics associated with hydrogen evolution reaction at a Platinum
electrode are much faster than those at a Mercury electrode, and the reaction initiates at much
more noble potentials on Platinum than on Mercury [35].

This section introduces some of the basic models associated with the kinetics of
electrodeposition, building from the concepts of overpotential and one-step one-electron
processes to develop a relationship between current and potential. For more detailed treatments,
the following excellent references should be consulted: [20, 21, 23, 24, 35].

Overpotential
At equilibrium conditions within the electrochemical cell, there exists zero net current [21].

Under these conditions, the cathodic and anodic currents, ic and i,, associated with the electrode
reactions are equivalent and referred to individually as the exchange current, iy, such that
io = ic = 1. [21]. Applying a potential to the cell greater than the equilibrium potential for the
electrode reaction (more negative in the case of cathodic deposition) will shift the balance of
reaction such that i. > i,, and cathodic electrodeposition may proceed. In this case, the parameter
of interest is the overpotential, n, which relates the applied bias to the equilibrium emf and

represents, in simple terms, the activation energy required to drive the reaction:
n=¢-¢g, (3-13)
where n is the overpotential, € is the applied bias to the cell, and &4 is the equilibrium potential.

Four types of partial reactions take place in the cell during electrodeposition: 1) mass
transfer from the bulk to the electrode surface; 2) charge transfer at the electrode surface;
3) chemical reactions involved in the overall electrode reaction, including complex dissociation;
and 4) other surface reactions, including adsorption, desorption and crystallization [20, 21].
These four components proceed in series, each contributing to the overpotential; therefore, any
one of the processes may be rate-limiting for the deposition [20]. The total overpotential may
then be written as Eqn. (3-14):

n="mnuw + 7. + 17 xn + ncryst (3_14)

where 1) is the total overpotential, nm is the mass transfer overpotential, n. is the charge transfer
overpotential, .. is the chemical reaction overpotential, and nys is crystallization overpotential
(20, 21].

As ions are consumed (e.g. deposited) at the electrode surface during a deposition process,
a fresh supply of ions must be transported from the bulk electrolyte through the electric double-
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layer to the electrode surface. This mass transport may be accomplished by a combination of
migration, diffusion and/or convection [21]. In many cases, this transport proceeds under
diffusion-limited conditions, increasing the mass-transport overpotential [20]. The deposition
of a component involves the incorporation of an ion in solution into the lattice of the solid at the
electrode surface, and this process requires an exchange of charge carriers between the oxidized
deposition species (e.g Cu**) and the electrode (2e”). The charge-transfer overpotential refers to
the overpotential associated with the exchange of charge [20]. In addition to the charge-transfer,
activation energies are associated with the actual incorporation of the atom into the lattice, and
this process is separately associated with the crystallization overpotential [20]. Other chemical
reactions may also be involved in the deposition chain. For instance, complexing agents are
frequently used to alter the activities of one or more components. These complexed ions must be
dissociated before the deposition species may be incorporated into the lattice [20].

Basic Kinetics Model
This section briefly summarizes the kinetics model of an elementary reaction with a one-

step, one-electron process, derived in terms of the standard free energy of activation, which
ultimately enables the current to be related to the overpotential applied during deposition.

Given the following reaction (3-15) involving a “discrete, chemical event” between two
substances, A and B, that is driven by the forward and reverse rate constants, kf and k;, the rates of
reaction may be written as (3-16) - (3-18) [21]:

ky
A=RB (3-15)

k,
v, =ka, (3-16)
v. =k.a, (3-17)
Vo =V, =V, (3-18)

where a, and ag are the activities of substances A and B, vris the rate of forward reaction, v; is the
rate of reverse reaction, and vy is the net conversion rate of A to B.

The reaction rates, v and v,, refer to the changes in the number of moles versus time in
elements A and B, respectively [20]. The current contributions from each of the reactions may be
formulated in terms of the reaction rate, the charge transferred per mole, zF, and the definition of
current (I=dq/dt) to yield:

i, =i, =zFAv, (3-19)

c

i, =1 =zFAv, (3-20)
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where z is the charge transferred per chemical event, F is Faraday’s constant, A is the active area of
the interfacial reaction, i. is the cathodic current, and i. is the anodic current [20, 21]. Substituting
Eqn. (3-16) and (3-17) into (3-19) and (3-20), respectively, the net current may be defined as
follow:

by =i, —i, = zFA(v, —v,)=zFA(k ,a, - k.ay) (3-21)

net f

Expressions may be developed for the reaction rates, krand ki, in Eqn. (3-21), which include
potential-independent and potential-dependent components, as well as an additional transfer
coefficient term, a., introduced to account for the asymmetry of the cathodic and anodic activation
barriers [21]. The Butler-Volmer equation may then be written as follows [21]:

i=i (e—(aan)/RT _ e(l—a)an/RT) (3-22)

where i is the net current, i, is the exchange current, a is the transfer coefficient, z is the charge
transferred per chemical event, F is Faraday’s constant, 1 is the overpotential, R is the universal
gas constant, and T is the temperature of the process [21].

The development of Eqn. (3-22) assumes that the overpotential is charge-transfer limited,
evident as treating the activity of the reactant a, as a constant [20]. This relation holds for low
currents, i < 0.10(irc) or < 0.10(ir.), consistent with activities of reactants at the interface remaining
within 10% of their values at bulk [21]. As the overpotential drives the cathodic currents higher,
diffusion cannot supply the reactants fast enough to keep pace, eventually leading to a surface
concentration of zero. In this case, reactants are consumed as fast as they can be supplied to the
interface, and the deposition current reaches a limiting current, i. This case will be discussed in
Systems Under Diffusional Control and Section 3.2.2.4. The various control regimes are
demonstrated in Fig. 3-9 below.
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Fig. 3-9. Regimes in the current-potential relationship, adapted from [20]

Notably, the exchange current strongly impacts the shape of the current-potential under
activation control [21]. A small exchange current indicates sluggish kinetics, thus requiring a
larger overpotential to achieve a given net current [21]. Conversely, a small overpotential may
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deliver large currents when the exchange current is high [21]. Increasing the exchange current has
the effect of steepening the slope of the current in the activated control region of the current-
potential curve [21].

In practice, the reactions involved in deposition are much more complicated than the one-
step, one-electron process described in the derivation. Real processes typically contain multiple
reaction steps, often involving complexation and dissociation, as well as adsorption and
crystallization processes. While the current-potential relationships above do not strictly apply to
these real systems, they do provide a qualitative understanding of the expected behavior in the
system and may be used as a conceptual basis for interpreting results, such as those from cyclic
voltammetry [21]. In addition to deposition reactions, other Faradaic reactions may be taking
place in parallel, such as hydrogen evolution and extraneous surface reactions that do not result in
the desired deposition. The overall current density may then be written as [19]:

Jtot,ss = Jﬁlmdep + JHydrogen + Z'Jt (3_23)

where Jiss is the total current density at steady-state (e.g. only Faradaic reactions contribute),
Jsim dep i current density due to film deposition, Juydrogen is the current density to hydrogen evolution

reaction, and J; are component current densities resulting from other non-desired reactions [19].

Systems Under Diffusional Control
The electrodeposition of multi-element thin films frequently takes place under diffusional

control, particularly for metal-chalcogenide systems involving cations and anions. The wide-
ranging reduction potentials of the elements (or alloys/compounds) requires deposition at
potentials more negative than the least noble element, which can quickly drive the more noble
element reduction processes into the mass-transfer limited regime. Critically, diffusion allows
oppositely charged components (e.g. the S,03* anion) to be transported in the same direction [22].

In systems under diffusional control, the rates of deposition reactions are limited by the
rates that the electroactive species are diffusionally transported to the surface. Assuming quasi-
one dimensional transport conditions (e.g. planar electrode and transport geometry), initially
uniform concentration, step-function applied bias, surface concentration equal to zero for t > 0
(the condition for diffusional control), and applying the transport equations and mass
conservation law, the time-dependent current density, known as the Cottrell equation, may be
written as follows [20, 21]:

_ ZFIM* WD

Jrt

J (3-24)
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where ] is the deposition current density, [M*'] is the initial (or bulk) concentration of the
electroactive species, D is the diffusion coefficient of the electroactive species under conditions of
experiment, and t is the time after step-potential has been applied.

The diffusion current density described by Eqn. (3-24) represents a limiting current
density, Ji, for a given deposition reaction. These limiting currents, JLA, will be evident on
potential sweeps (e.g. cyclic voltammetry studies) as current plateaus, as shown in Fig. 3-9. If
current densities larger than J. are forced through the electrode, the electric double layer will
accumulate charge until the overpotential of the electrode initiates another reaction process, such
as another deposition reaction or the hydrogen evolution reaction [20]. Note also that the
presence of the t'/2 term in J; signifies that the current density will decrease indefinitely. The flow
of ions in the bath, however, will eventually induce a natural convection current, which partially
replenishes the depleting concentration boundary layer, and yield a constant, steady-state current
density composed of diffusion and convection currents [19]. Electrodeposition at current densities
close to or exceeding the limiting current densities can often yield rough, powdery films [20, 36],
as discussed further in Section 3.2.2.4.

Underpotential Deposition (UPD)

The standard electrode reactions and their associated reduction potentials, described in
Table 3-4, implicitly assume that the depositing material and electrode material are the same. After
initial deposition of several monolayers, the interface approaches this condition. Underpotential
deposition refers to positive (noble) shifts in the reduction potentials of metals, relative to
Nernstian equilibrium potentials, which result from deposition onto foreign substrates [24, 37].
In these cases, the depositing ions are more strongly bound to the foreign metal electrode than
similar metals, where they are partially or completely reduced and deposited [24, 37]. Due to the
complexity in chemical interactions at the interface, predicting the behavior of the underpotential
deposition mechanism poses significant difficulty. Cyclic voltammetry, however, may be used to
empirically identify the noble shifts in reduction potential [37].

The underpotential deposition mechanism represents a self-limiting process, as the effects
of the foreign metal substrate will drop off after only a few monolayers [24]. Subsequently, such
mechanisms are not typically relevant for the bulk deposition. The underpotential deposition
mechanism may, however, play a role in the initial nucleation processes. Further, in the case of
multi-element depositions, in which the electrode surface refreshes with new “foreign” deposits,
the underpotential mechanism may remain more active.

Anomalous Co-deposition (ACD)
Under some conditions, the gain in free energy associated with compound formation yields

a positive (noble) shift in the reduction potential of the less noble element [22]. Mechanisms of
this type have been referred to as induced co-deposition, induced underpotential co-deposition,
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anomalous co-deposition, or simply the Kroger mechanism [22, 25, 26, 38]. Anomalous co-
deposition operates analogously to chemical vapor deposition (CVD), which involves self-
regulating compound formation that leads to stoichiometric growth [39]. A brief review of the
anomalous co-deposition mechanism for binary alloys and compounds originally developed by
Kroger [25] is given below, in order to introduce basic concepts associated with the process. For a
more rigorous treatment, the reader should refer to [22, 25, 26].

Kroger introduces the concept of the quasi-rest potential (QRP) to describe the effective
equilibrium electrode potential (more noble) that exists as a result of alloy or compound
formation. Specifically, the QRP represents the potential at the electrode that corresponds to the
activities of the electroactive species taken as they are during deposition at the solid-electrolyte
interface [25]. The potential at which co-deposition of the two elements proceeds then
corresponds to the QRP plus an associated overpotential [25]. Four major factors influence the
establishment of the QRPs: 1) the equilibrium potentials of the component species, 2) the
thermodynamics associated with the compound formation, 3) the activities of the electroactive
species at the solid-electrolyte interface during deposition, and 4) the relative magnitudes of the
exchange currents for each component [25].

By accounting for the activities of the electroactive species, particularly as those values
change according to the thermodynamics of compound formation, the possible shifts in
equilibrium potentials may be accounted for using the Nernst equation. Consider the formation
of compound M;N,, through the deposition of ionic species (present as M™ and N") and
subsequent solid-state reaction, as follows:

M"™ +me = M(s) (3-25)
N" +ne” = N(s) (3-26)
rM (s)+sN(s)= M N (s) (3-27)

where m* represents the oxidation state of component M, n* represents the oxidation state of
component N, (s) designates the solid state, and M, Nj is the final compound. Here, N is arbitrarily
taken as the more noble species (e.g. ex > em). The QRP for a given component, X, may be written
using the Nernst equation (3-8):

RT ., a,.
gy =&y +——In—=%

3-28
xt  a, ( )

Calculating the equilibrium potential for a single metal is straightforward, as the activity of the
component in a pure solid (e.g. ay, ax) would simply be equal to unity. Under standard conditions,
am™ and ax™" would also be taken as unity, yielding the standard reduction potential ey = emo. In
this case, however, compound formation will modify the activities ay and ax, thereby causing
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associated shifts in the equilibrium potentials ey and ex. From basic thermodynamics [40], the
activities of components M and N in the deposit, au and ax, respectively, may be calculated at
chemical and thermodynamic equilibrium as follows:

Ay w

~—— = exp(—AG/RT) (3-29)

u Ay

where au; is the activity of the compound and AG is the free energy changed associated with the
reaction in (3-27). Assuming M;N; as the stable, most-abundant end phase, its activity approaches
unity. Further, it is assumed that the compound formation is energetically favorable, such that
AG < 0. Subsequently, Eqn. (3-29) reduces to the following:

a, a,’ =exp(AG/RT) (3-30)

Two different phase limits may then be examined: a) nearly pure M in coexistence with M;Nj, and
b) nearly pure N in coexistence with M;N;. By evaluating Eqn. (3-30) at these two limits, and
substituting the activities into Eqn. (3-28), the maximum shifts in the equilibrium potentials
associated with compound formation can be calculated as Aew=-AG/rmF (case a) and
Aex=-AG/snF (case b). For further discussion, the reader again is referred to [22, 25, 26].

3.2.2.4 Nucleation and Film Growth
Electrodeposited film growth proceeds by the nucleation of adsorbed ion (adion) clusters

and coalescence of these clusters to form coherent deposits [20]. The nucleation process involves
approach and adsorption of the ion on the electrode surface, followed by transport of the adion on
the electrode surface to the final nucleation site [20]. Isolated adions on electrode surfaces are
unstable, due to their small binding energies. However, by forming clusters above a critical size,
these adions can increase their stability through an increase in surface energy and a decrease in
their free energy formation [20]. For 2D nucleation, the critical cluster size N¢ can be described
by the following [20]:

B bsg?

© (zen)?

(3-31)

where b is the aspect ratio of the cluster, s is the area occupied by on atom on the surface of the
nucleus, € is the edge energy, z is the charge associated with the adion, e is the fundamental unit of
charge, and n is the overpotential. Notably, the critical cluster size exhibits a strong dependence
on overpotential: Nc o n?. Stochastic processes govern the cluster formations, with statistical
variations yielding some nucleation sites above the critical size [20].

Assuming a uniform nucleation probability across the electrode, the first-order nucleation
law may be written as [20]:
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N = N, [1-exp(-41)] (3-32)

where N is the number of nucleation sites, Ny is the maximum number of nucleation sites on the
surface, A is the nucleation rate constant, and t is time. For the initial stages of nucleation
(e.g. t ~ small), two limiting cases exist, corresponding to very large and very small nucleation rate
constants A. In Instantaneous Nucleation (large A), N = N, and all available sites are
instantaneously nucleated. In Progressive Nucleation (small A), N = ANt and the number of
nucleation sites increases linearly with time [20].

Further growth of the nucleated sites may proceed independently, or they may experience
overlap with other nucleated sites during their growth. Typically, independent site growth only
proceeds in the very early nucleation stage, and later growth stages must account for the overlap
of the nucleated sites [20]. Multilayer film growth (e.g. layers greater than one monolayer thick)
may proceed by 2D layer growth or 3D nucleation-coalescence growth [20].

Two-dimensional layer growth progresses by mononuclear layer-by-layer growth or
multi-nuclear step growth. In mononuclear layer-by-layer growth, the nucleus growth rate
exceeds the nucleus formation rate, such that a single nucleus acts as the source of each monolayer
[20]. This growth mechanism requires low nucleation rates, a condition typically corresponding
to low overpotentials [20]. In multi-nuclear step growth, multiple nucleation sites form at the
same time, such that layer growth progresses by the lateral spreading and merging of multiple step
edges across its surface. The lateral growth proceeds generally faster than vertical growth, such
that the coherent film depositions are formed approximately monolayer by monolayer [20].

Three-dimensional nucleation-coalescence growth progresses by the formation of
isolated 3D nuclei that gradually coalesce to form a continuous film [20]. The adion surface
mobility on the electron, the charge-transfer kinetics, the ion mass transfer properties, and the
overpotential all influence the 3D nucleation and growth behavior. When the nucleation rate
(vertical growth) exceeds the adion transport across the surface (lateral growth), 3D growth
features become more pronounced because adions have less time to find low-energy step edge
locations in the crystal [22, 36]. This growth condition corresponds to high overpotentials and
diffusion-limited transport. As current densities increase relative to the limiting current, films
exhibit degrading morphological features, such as ridges, polycrystalline blocks, dendrites and
dispersed powders [20, 36].

Diffusion-Limited Growth

Under diffusion-limited growth conditions, mass transfer of the electroactive species from
the bulk to the electrode surface represents the rate-limiting step in film growth. Effectively, the
species are consumed by the deposition reaction as soon as they reach the electrode, such that their
surface concentration remains close to zero. In this condition, three-dimensional growth

mechanisms are exaggerated by the transport and nucleation behavior, yielding a range of
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characteristic film morphologies, such as cauliflower deposits, spongy deposits, dendritic deposits,
and powdery deposits [20, 41]. The type of morphology that develops depends strongly on the
exchange current density j, of the deposition reaction, which influences the nucleation rate [42].
Note the nucleation rate constant A given in Eqn. (3-32) varies inversely with j, [42]. In general,
larger nucleation rates yield smoother, more compact films, since the grains have less time to grow
before coalescence [42]. At very negative deposition potentials, however, low values of j, can
increase film porosity due to increased hydrogen evolution reaction [42].

Surface irregularities on the surface of the electrode, resulting from nucleated grains or the
substrate itself, cause variations in the deposition current density under mixed activation-diffusion
and fully diffusion-limited control. The current density increases at the tip of the surface feature
compared to the flat electrode surface as result of the effective decrease in the diffusion layer at this
point [42]. Lateral (e.g. spherical) diffusion at the tip also increases the local current density [42].
Cauliflower growth can proceed from nucleated ellipsoidal grains, as shown in Fig. 3-10. The grain
first grows vertically, and then grows hemispherically once high enough to facilitate spherical
diffusion, giving rise to the cauliflower shape [42]. The nucleated grains must be spaced
sufficiently far apart to allow spherical diffusion around the tip [42]. An example of cauliflower
morphology in electrodeposited Cu is shown in Fig. 3-10. The development of cauliflower
morphology corresponds to conditions of mixed activation-diffusion control [42].

b)

Fig. 3-10. Mechanism of cauliflower growth and example of Cu film with
cauliflower morphology, reproduced from [42] and [43]

Systems fully under diffusional control can develop spongy, dendritic, or powdery deposits
depending on the applied overpotential and exchange current density. Similar to cauliflower
deposits, spongy deposits result from spherical diffusion around protrusions [42]. In particular,
spongy deposits develop when film growth proceeds under fully diffusion-limited conditions with
low nucleation rates (high current exchange densities), such that j. < jo. Since j. depends
proportionally on the concentration of the depositing ions, as shown in Eqn. (3-24), the
morphology may be directly modulated by varying the ion concentration, as shown in [42].

Dendrites form under high overpotentials and high exchange current densities. They are
defined by characteristic overpotentials, below which they do not form, and by ordered, branch-

3-29



like structures [42]. The dendrite growth mechanism consists of activation-controlled growth at
the protrusion tip and diffusion-limited growth at the macroelectrode, which proceeds once the
feature reaches a critical height [42]. The critical feature size depends directly on a critical
overpotential that varies logarithmically with ji/jo [42]. Therefore, lower overpotentials are
required at higher exchange current densities, in order to initiate dendritic growth [42]. The
induction period refers to the growth period of the protrusion prior to reaching the critical height
to initiate the dendrite growth mechanism. The induction period and transition to dendrite
growth can be evaluated from chrono-amperograms, evident as a well-defined shift in slope, as
shown in Fig. 3-11. Since j. varies proportionally with the concentration of the depositing species,
decreasing species concentration increases ji/jo and therefore increases the likelihood of dendrite
formation [42]. Increasing the electrolyte conductivity and decreasing the solution velocity also
enhance dendritic growth [42].
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Fig. 3-11. Plot of log(I) vs. time illustrating transition to dendrite formation
and example of Cu film exhibiting dendrite structure, reproduced from [42]

Powdery deposits represent loosely adhering dendrites that may form at very high current
densities. This morphology develops above a critical current density, and the transition to powder
formation was shown to be a constant product of the current density multiplied by the square root
of time to formation. This time-dependence indicates a diffusion-limited process, and the onset
of powder formation coincides with the transition to diffusion-limited control [42].

Higher overpotential yields smaller grain sizes [42]. Galvanostatic deposition typically
yields less dendritic films, since the overpotential at the end of deposition is smaller than
potentiostatic control [42]. Moreover, at high overpotentials, hydrogen co-deposition
(e.g. hydrogen evolution reaction) may proceed in parallel with deposition. Hydrogen evolution
can modify the film growth and morphology in several ways, including incorporating hydrogen
into the film, forming voids in the film, and modifying the hydrodynamic layer and associated
mass transfer [43]. In general, hydrogen co-deposition yields porous films with very high surface
areas [43]. During hydrogen evolution, bubbles form on the surface of the film or electrode, which
block further film growth at these sites, modify the local current density, and promote vertical
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growth of protrusions around its edges. Fig. 3-12 shows example morphologies of electrodeposited
Cu films that resulted from diffusion-limited growth with hydrogen co-deposition.

Fig. 3-12 Examples of Cu film morphologies resulting from diffusion-limited growth and hydrogen co-deposition,

reproduced from [43]

3.2.3 The Electrochemical Window

The electrochemical window, as dubbed by Scragg, refers to the set of deposition
conditions under which a desired thin film may be practically deposited [19]. Deposition potential,
bath pH, substrate material, depositing species type and their concentrations primarily determine
this window. For instance, standard reduction potentials of tin and zinc are -0.138V and -0.762
vs. NHE, respectively. Attempting to deposit tin onto a zinc substrate at a deposition potential of
-0.138V vs. NHE would cause anodic dissolution of zinc, since the deposition potential is more
noble than zinc’s standard reduction potential [19].

Equilibrium phase diagrams, known as Pourbaix diagrams, provide maps of the
thermodynamically stable phases (e.g. solid and ionic species) versus the electrode potential and
pH [44]. As noted in Section 3.2.2.3, thermodynamics determines only which reactions are
possible and not necessarily which reactions are likely. Therefore, the kinetics of the reactions
must also be examined, in order to determine their reaction rate [44]. The Hydrogen Evolution
Reaction (HER) and the Oxygen Evolution Reaction (OER) provide additional negative and
positive deposition potential limits, respectively [19]. These reactions quickly dominate the
deposition current after their onset, slowing and eventually preventing further deposition of the
desired thin film elements [19].

3.2.3.1 Thermodynamic Phase Stability

Pourbaix Diagrams

Pourbaix diagrams represent maps of thermodynamically stable phases, constructed from
the possible chemical and electrochemical equilibria in the given system [44]. These diagrams
contain thermodynamic data regarding species stabilities, where thick solid lines delineate the
predominant solid species, thin solid lines delineate the predominant solid-ionic species, and
dashed lines delineate the predominant ionic species [44]. Along these coexistence lines, the
activities of species on either side are equivalent [44]; in regions on either side of these lines, a given
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species will predominate [44]. For aqueous solutions, water decomposition lines are usually
indicated as well, where the stable region of water is defined by the onset of the Hydrogen
Evolution Reaction (HER), described in the following section, and the Oxygen Evolution Reaction
(OER), as originally noted in the Platinum anode reaction (3-2) [44].

Notably, the presence of multiple elements in the bath, as with the single-step
electrodeposition of CZTS, modifies the Pourbaix diagrams and corrosion behavior in
unpredictable ways. That is, the Pourbaix diagrams for each of the consistuents may not simply
be superposed to describe the overall behavior of the system [44]. To construct a Pourbaix diagram
for multi-element baths, the Gibbs free energies for each possible reaction, including reactions
among the various consituents, must be evaluated. At a given Pourbaix coordinate (Eu,pH), the
reaction with the lowest Gibbs free energy change per mole corresponds to the most stable species
or compound in the given domain [44]. If at a given Pourbaix coordinate all possible reactions
exhibit a positive Gibbs free energy change, then at thermodynamic equilibrium, the consistuent
exists as stable solid in the immunity region [44]. The dependence of the Gibbs free energies of
reactions on pH, potential, activities of products and reactants, as well as the activities of the
various other aqueous species present [44], makes the calculation more challenging. However,
various software programs, such as Medusa from the Swedith Royal Institute of Technology, have
been developed to conduct these theoretical calculations.

Hydrogen Evolution Reaction (HER)

The hydrogen evolution reaction, described by (3-33) in acidic solutions and by (3-34) in
neutral and alkaline solutions [19, 35], modifies the electrodeposition process in several significant
ways. First, when HER activates at potentials more noble than the deposition potential of a given
element or compound, then the HER reaction will compete with the deposition reaction, slowing
or preventing it completely [19, 23]. In these cases, H-atoms may be included in the depositing
film, possibly causing hydrogen embrittlement [36]. Second, HER produces H, bubbles on the
surface of the working electrode, which locally block the deposition and create voids in the
deposited thin film [43, 45]. Finally, the HER may induce significant changes in the solution pH,
particularly near the electrode [19]. If HER proceeds by (3-33), then the pH may be altered through
a local reduction in H* ions which are consumed by the process; if HER proceeds by (3-34), then
the pH may be altered through the local generation of OH- ions generated by the water reduction.
In both cases, the local pH shifts more alkaline, which can alter the thermodynamic stability of the
substrate and depositing materials as described in the previous section [36, 45].

2H" +2e¢ —> H,(g2) (3-33)

2H,0+2e — H,(g)+20H (aq) (3-34)
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The overall HER process, described here for acidic conditions (3-33), involves four steps:
1) transport of H* from the bulk to the Outer Helholtz Plane, 2) H* adsorption on the electrode
surface, 3) Ha.a combination and H, desorption from the electrode surface, and 4) H, gas transport
from the electrode surface to the atomsphere. Any step may be rate-limiting and thus responsible
for the overpotential required to advance the reaction. Further, the kinetics of these steps vary
strongly with the electrode material and surface condition, leading to large variations in
overpotentials, as Table 3-5 shows.

Table 3-5. Hydrogen Evolution Overpotentials for Various Electrodes, from [19]

Electrode Material Nuz (V)
Pt 0.09
Mo 0.57
Cu 0.45
Zn 0.83
Sn 0.75

In neutral and alkaline solutions, the low concentration of H* ions requires the water-
reduction reaction (3-34) to drive the HER, which increases the activation overpotential [35]. For
more acidic solutions, the diffusion of H* ions drives the HER via (3-33), increasing the current
density and reducing the overpotentials [35]. However, at high current densities, diffusion cannot
supply H* ions fast enough to support the reaction, and the water-reduction once again drives the
HER [35]. Very high current densities can be supported by the large concentration of H,O
available for reduction [35].

3.2.3.2 Cyclic Voltammetry

Cyclic voltammetry (CV) refers to an electroanalytical technique that provides “rapid
observation of the redox behavior of the system over a wide potential range” [21, 46]. The
technique involves cycling the applied potential, by linearly sweeping in the forward and reverse
directions, and measuring the resulting current [21, 46]. For multi-element electrodepositions,
cyclic voltammetry provides useful information on the reduction potentials for the different
elements and compounds, as well as the overpotential for the HER, effectively determining the
electrochemical window under which depositions may be suitably performed. Fig. 3-13 shows a

typical cyclic voltammetry curve, known as voltammagram.
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Fig. 3-13. Example cyclic voltammagram with various contributing reactions identified

CV measurements, which linearly sweep the potential at a slow rate (~10mV/s), provide a
simplified way of quickly measuring the current response to a series of one-step potentials. By
examining the current response to varying step changes in the applied potential, current-potential
curves may be constructed and, in some cases, may be modeled with the Butler-Volmer equation
[21]. Under purely reversible conditions, the i-E curves yield no information on the kinetics of
the reaction, but they provide access to the thermodynamic parameters, including critically the
formal potentials of the reactions [21]. Under purely irreversible conditions, the i-E curves yield
no information on the thermodynamics of the reaction, but they provide access to kinetic
parameters associated with the reaction, including the rate constant [21]. In both cases, the
diffusion coefficient and bulk concentration of the electroactive species may be assessed via the
shape of the curves. See [21] for a more detailed treatment of i-E curve modeling.

As the potential sweeps in the negative (forward) direction and passes through a reduction
overpotential for a given reaction, the cathodic current rises. As the potential sweeps more
negative, current passes through the mass transfer regime and saturates at the limiting current
[19, 21]. In some cases, the electroactive species may quickly deplete, causing a reduction in the
current with more negative potential. This increase in current, followed by saturation or depletion,
is referred to as a reduction wave, reduction peak or cathodic peak [21, 33]. The current stays
level (or decreases due to depletion), while the potential sweeps more negative, until the onset of
the next reaction [21]. At high enough overpotentials (e.g. very negative deposition potentials),
HER starts and quickly dominates the current, shown as a steep and eventually linear rise in the
current [19, 21, 35]. As potential sweeps in the positive (reverse) direction and passes back
through the anodic overpotential for a given reaction, the reaction reverses and creates a positive
anodic current, which effectively strips the film away [19, 21].
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3.2.3.3 Complexing Agents
In addition to the underpotential and anomalous co-deposition mechanisms, which may

shift the deposition potentials of one or more components owing to favorable thermodynamic free
energies, complexing agents may also modify the deposition potential of the metals through
alteration of the electroactive species activities. In particular, the formation of complex ions, by
the attachment of ligands, can dramatically reduce the activities of free and hydrated ions,
achieving negative shifts in the reduction potential as high as 0.8V [23]. In some cases, increasing
the concentration of the complexing agent allows a metal ion to be converted to higher complexes,
thereby further reducing the activity and shifting negative the reduction potential [23]. The
formation of the complex ion may be represented as follows [23]:

M"™ +qA” —MA™ (3-35)

where q is the coordination number and A is the complexing ion of charge p.

The standard reduction potential for a free or hydrated metal ion under equilibrium
conditions can be described according to the Nernst Equation (3-8), as described in Section 3.2.2.2.
Accounting for the reduction in activity due to complexation, the reduction potential may be
modified as follows [23]:

& =&l +~RT/nF[InK ]+ RT /nf|In(az;* /at, )| (3-36)

where Kt is the thermodynamic formation constant for the complex, E is the standard reduction
potential, R is the universal gas constant, T is the temperature, n is the oxidation number of the
metal, F is Faraday’s constant, aumxq is the activity of the complex, and ax,. is the activity of the
complexing agent. A stable complex implies a large value of Ky, and in this case, the second term
dominates yielding a large negative shift in the reduction potential [23].

In addition to shifting the reduction potential, complexing agents can slow the reaction
kinetics by adding charge transfer sequences, which if rate limiting, will slow the deposition rate
[22]. This reduction in deposition rate can lead to an improvement in the film quality by altering
nucleation and growth mechanisms [22]. Literature has shown that electrodeposition of CulnSe;,
with citrate complexing agents slowed the surface reactions and improved film crystallinity [22].

When complexing agents are applied in multi-element baths, such as those used in co-
electrodeposition of CZTS, complexes may be formed that contain more than one element [26].
In these cases, speciation of the metal elements and complexes may be quite complicated, involving
free and hydrate metal ions, single metal complex, and multi-metal complexes [26]. Single metal
and alloy/compound deposition may then proceed via reduction of these various electroactive
species, making peak identification on cyclic voltammagrams difficult [26].
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Properties of Citrate Complexing Ions

Trisodium citrate (Na;CeHsO;) represents a common complexing agent in
electrodepositions, and this complexing agent was used in nearly all depositions performed in this
dissertation. The pH of co-electrodeposited CZTS baths have frequently been adjusted using
tartaric acid (CsH¢Os) (28, 47], which also complexes mildly with Cu and Zn and complexes
strongly with Sn [47]. The citrate ion (CsHs0O;) consists of three carboxylic groups and one
alcoholic group and exhibits a wide range of charge states and hydrogenation that depend on the
pH of the bath [26]. For pH-dependent speciation diagram of the citrate ion, see [26].

The primary citrate ion species shifts from HCit* to Cit* as the pH shifts from 4.5 to 6 [26],
the two bath conditions studied in this thesis, although the metal-citrate speciation depends
strongly on the metal ion. With near-neutral pH and excess citrate, metal complexes of the form
M.Cit,* often predominate. For instance, under these conditions, nickel [26], copper [48] and zinc
[49], were shown to primarily adopt this or similar complex structures. Higher charge state
complexes have been shown to impede the electrodeposition [26, 48], which may improve the film
quality by reducing the deposition rate. The metal complex forms according to the following [49]:

M* +Cit™ +Cit™ — MCit,* (3-37)

Gougaud recently reported speciation calculations for Cu, Zn, and Sn in acidic and neutral baths,
specifically for co-electrodeposition of Cu-Zn-Sn precursor layers, using citric acid complexing
agent and tartaric acid buffer-complex agent [47]. The Cu and Zn complexed primarily with the
citrate ligand, while Sn primarily complexed with the tartaric acid ligand. In the absence of tartaric
acid and near-neutral pH values, Cu and Zn species shifted to non-hydrogenated, higher charge
state complex species, and Sn species shifted to insoluble SnO compounds [47].

3.2.3.4 Effect of pH
The pH of the electrolyte can have profound effects on solution and film properties,

including ion and complex stabilities, ionic mobility, electrode surface adsorption, and the HER
overpotential [19, 23]. As discussed in the first part of this section, pH has a strong effect on
thermodynamic of species in the solution, including their oxidation state. The stable forms of ionic
and complexation species can significantly influence the nature of the deposition reaction,
including the rate-limiting partial reaction, and the film quality. Therefore, pH buffers, which
help maintain a constant pH, are frequently used to stabilize the desired species throughout the
deposition. In some cases, these pH buffers may also act as complexing agents (e.g. tartaric acid).

The pH buffer species may reduce the ionic mobility of the deposition species, effectively
reducing their diffusion to the working electrode surface [50]. This buffer species may also adsorb
on the working electrode and block nucleation sites of the deposition species [50]. Finally,
lowering of the pH (more acidic) reduces the overpotential of the HER, shifting its onset to more-
noble electrode potentials. The HER can cause reduce the desired deposition current through
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competition with the depositing species. As will be shown in Chapter 7, the bath pH strongly
influences the film morphologies of co-electrodeposited CZTS thin films.

3.2.4 Experimental Details

3.2.4.1 Equipment and Set-Up
Electrodeposition and cyclic voltammetry studies performed in this work utilized an

electrochemical cell that consisted of an Ag/AgCl reference, platinized Niobium-wire mesh
counter electrode, and FTO-coated or Mo-coated glass substrate working electrodes, as shown in
Fig. 3-14. The reference electrode (Pine Research Instrumentation, P/N RREF0021) was rotated
approximately 30° from horizontal plane in both axes, in order to keep the tip as close to the
working electrode as possible, while minimizing to the extent possible blocking of the working
electrode face. The platinized Niobium-wire mesh counter electrode (Anomet Products) and the
working electrode were connected via alligator clips to the potentiostat. Aluminum foil was used

between the clips and the electrodes to improve electrical contact.

~1.8cm

Platinized
Nb Wire Mesh

(3.5x5.5¢cm) Mo-coated
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Fig. 3-14. Three-electrode electrodeposition set-up

The FTO-coated substrates used deposition areas of ~2 x 3cm or ~1.6 x 2.5cm, and the Mo-
coated substrates used deposition areas of ~ 1.6 x 2.5cm, simply chosen based on the dimensions
of the supplies. Nominally, electrochemical cell volumes of 250mL were employed, with volumes
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varied up to 500mL. The working and counter electrodes were spaced approximately 1.8cm apart,
chosen as close as possible while still providing access for the reference electrode.

Constant potential depositions were performed at -0.20 to -1.29V vs. Ag/AgCl, using an
AFCBP1 or WaveDriver 20 biopoteniostat, both from Pine Research Instrumentation. Constant
current depositions were performed at -1 to -5mA, using the WaveDriver 20. In some cases,
stirring of the bath was performed during deposition (< 200rpm) using magnetic stir bars.

Materials
Commercial (TEC-7) FTO-coated films ~550nm thick (p~300puQ-cm) on soda lime glass

substrates were provided by Pilkington North America. Both in-house and commercially
deposited Molybdenum films were investigated in this thesis. In-house (EMAT) molybdenum
films ~300nm thick (p~150pu€2-cm) were deposited using RF sputtering under 10mtorr Argon
background and with a deposition power of 300mW onto Corning 0215 soda lime glass slides. To
investigate the effects of Molybdenum annealing on CZTS film growth, some EMAT Mo-
substrates were rapid thermal annealed prior to electrodeposition, under flowing N, gas in an AG
Associates HeatPulse 210. Commercial (Guardian) molybdenum films ~500nm thick
(p~15pQ-cm) on soda lime glass substrates were provided by Guardian Industries Corp.

Rutherford backscattering analyses of the substrates indicate the film compositions and
thicknesses shown in Table 3-6. The soda lime glass in the FTO- and Mo-substrates demonstrated
similar compositions to the soda lime glass composition shown in Table 3-3. The atomic density
for FTO is taken from [51], and the atomic density for Mo is calculated from its mass density and
molar mass, respectively. Note that the EMAT Mo films contain a significant amount of oxygen.

Table 3-6. Composition of substrates used in electrodeposition

At% Atomic Film Thickness
Substrate ) 5
Sn o F Mo Density (cm™) (nm)
FTO Coated Glass
o 0.33 0.65 0.02 - FTO: 8.4e22 540
(Pilkington Tec-7)
EMAT Mo
. 0.20 - 0.80 Mo: 6.4e22 250 - 275
(Corning 0215)
Guardian Mo - - - 1.00 Mo: 6.4e22 475

In order to characterize their possible contributions to the x-ray diffraction spectra of
deposited thin films, x-ray diffraction measurements were performed on the FTO- and Mo-
substrates, with the relevant diffraction data summarized below in Table 3-7.
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Table 3-7. Diffraction data for substrates used in electrodeposition

2-0 Peak Location (°)

Substrate Attributed Phase Crystal Plane (hkl)
Measured Reference
26.57 26.54 110
33.78 33.81 101
37.83 37.89 200
FTO-Coated Glass
51.58 51.67 SnO, (Tet 1 211
(Pilkington Tec-7) nO; (Tetragonal)
54.63 54.65 220
61.67 61.76 310
65.62 65.83 301
EMAT Mo .
. 40.33 40.50 Mo (Cubic) 110
(Corning 0215)
Guardian Mo 40.63 40.50 Mo (Cubic) 110

Notably, the EMAT Mo substrate shows significant tensile strain, evident as a leftward shift
in the 2-0 location of the characteristic (110) peak. The Guardian Mo substrate, on the other hand,
shows significant compressive strain, evident as a rightward shift in the 2-0 location of the
characteristic (110) peak. Per conversations with Guardian, the properties of the Mo films had
been optimized for other applications, and so the compressive strain was intentional. Stress/strain
has been shown to influence the adhesion and the resistivity of sputtered Mo films [52, 53]. The
peak width of the EMAT Mo film (0.79°) is also significantly larger than the peak width of the
Guardian Mo film (0.33°), indicating significantly larger grain size in the Guardian Mo films. This
can be expected since EMAT Mo films were deposited at room temperature and Guardian Mo
tilms were fabricated using an industrially optimized process.

3.2.4.2 Methodology

Electrodeposition and Cyclic Voltammetry
Single-layer films of CZTS were deposited on FTO-coated glass and Mo-coated soda lime

glass substrates using a single-step electrodeposition process adapted from [28]. Prior to
deposition, the FTO-coated glass substrates were cleaned ultrasonically in acetone, alcohol, and
ultra-high purity (UHP) water for 20min each cycle, and then blown dry with nitrogen gas. The
FTO-glass substrates were cleaned in large batches and stored in the UHP water for weeks or
months until required for deposition. Mo-coated glass substrates on the other hand were,
immediately prior to deposition, thoroughly rinsed with alcohol and UHP water and then blown
dry with nitrogen gas. Soaking and sonication were both shown to degrade the molybdenum layers
in EMAT and Guardian Mo-substrates.
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Table 3-8. Nominal bath composition and chemical source information

. . Concentration Manufacturing
Chemical Formula Chemical Name .
[M] Information

. . Sigma Aldrich,
Sodium Citrate
Na;C¢H50,-2H,0 0.20 ACS Reagent, 99.0%

Tribasic Dihydrate
(P/N S4641-500G)
Amresco,
C,HOs L-Tartaric Acid 0.10 ACS Grade,
(P/N 0501-500G)
Sigma Aldrich,
CuSO,-5H,0 Copper (II) Sulfate 0.02 ACS Reagent, 98.0%
(P/N 209198-100G)
Sigma Aldrich,
ZnSO,-7H,0 Zinc (IT) Sulfate 0.01 ACS Reagent, 99.0%
(P/N 221376-100G)
Sigma Aldrich,
SnSO, Tin (II) Sulfate 0.02 ACS Reagent, 95.0%
(P/N 244635-100G)
Amresco,
Na,$,0; Sodium Thiosulfate 0.02 Reagent Grade,
(P/N 0393-500G)

Aqueous baths using ultra-high purity water (>18MQ-cm), metal salts, a complexing agent,
and a pH buffer were nominally prepared according to Pawar’s formulation [28], as shown in Table
3-8. Chemical powders were massed and added to the solution in the order shown. During this
weighing process, typically about 10-20min, the solution was stirred at 400RPM (room
temperature) using a magnetic stir bar. After the components were mixed, the solution was stirred
at 600RPM (room temperature) for an additional 30min, until the color effectively stopped
changing. The nominal deposition bath had a dark green-light brown color, which varied as the
bath composition changed. Once the bath was mixed, the magnetic stir bar was removed from the
deposition beaker and the electrochemical cell configured, as shown in Fig. 3-14.

For electrodepositions, either constant potential or constant current were selected, and
the deposition parameters were adjusted as described in Chapters 7 and 8. For cyclic
voltammetry, a potential range of either 0 to -1.25V or 0 to -1.50V was specified, and the sweep
rate set to 10mV/s.

After deposition, films were thoroughly rinsed in the ultra-high purity water and then
either air-dried under the fumehood or blown dry with nitrogen gas. Films electrodeposited in
acidic baths frequently developed thick, loosely adhering layers which were easily removed with
rinsing. To prevent further damage, these films were typically air-dried. Films electrodeposited
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in pH neutral baths developed more compact, well-adhering layers, and these films were typically
blow dry with nitrogen after rinsing.

Sonication
Post-deposition sonication was investigated as a method to remove unwanted surface

particulates. In these cases, sonication was performed for 20min usinga VWR50 ultrasonic cleaner
with samples oriented at ~60° from horizontal with the CZTS film facing down in a vial containing
ultra-high purity water, acetone, or alcohol.

3.3 ANNEALING: CRYSTAL FORMATION PROCESSES OF CIGSES AND CZTS THIN FILMS

I would again like to acknowledge Scragg [19] and Hergert [54, 55], as this annealing
background sections draws strongly from these works. For a more comprehensive review, the
reader is strongly encouraged to visit these excellent texts.

3.3.1 Background
As Sections 3.1.2.4 and 3.2.2.4 demonstrate, nucleation and film growth behavior depends

strongly on the deposition method and conditions. In all cases, however, the deposited film must
be transformed from the disordered precursor constituents into the desired ordered crystal
phase(s). In order to form a film with extended, well-coordinated crystalline order, the constituent
atoms must be able to diffuse to their particular equilibrium positions within the crystal, typically
requiring extensive chemical bond breaking and re-formation [56]. This crystal formation
requires energy to overcome the kinetic barriers associated with these formation reactions and
atomic diffusion processes, which is typically supplied by heating of the film during and/or after
its deposition [56]. As discussed in Section 3.1.2.3, the deposition process itself may supplement
the required formation energy via the kinetic energies of the depositing species. Once sufficient
energy has been supplied to the film to overcome the kinetic barriers of phase formation, the crystal
will adopt the most thermodynamically stable phase with the lowest free energy [56, 57]. In the
case of quaternary systems, like CZTS, the compositional window and temperatures under which
pure phases may be formed can be quite small, as Fig. 2-18 in Chapter 2 shows.

In this thesis, annealing refers to the post-deposition heating of a film in order to alter its
crystal phase and grain properties. Annealing may be performed in a variety of background
environments, including vacuum, inert gas, and reactive gas environments. Vacuum annealing
may be performed on deposited films, when the film does not decompose or form unstable phases
under low pressures. CIGSe remains generally stable under vacuum. CZTS, however, has been
shown to decompose into constituent binaries at high temperatures in the absence of S; and SnS
gas overpressures, which can lead to irreversible losses of Sn through the evolution of SnS [58, 59].
In addition to aiding film stabilization, annealing in reactive background gases may be required in
order to incorporate additional elemental components into films, in this case sulfur. As-deposited
films may contain a sulfur-deficiency (as in the PLD films described in Chapter 6) or lack it
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completely (as in the metal-only ED precursor films described in Chapter 8). Hydrogen sulfide
(H.S), elemental sulfur and tin-sulfide background gases have been used for both of these purposes.
In the case of elemental sulfur and tin sulfide, several methods may be used to supply these gases:
1) sealed ampoule with elements, 2) partially-sealed graphite box with elements, and 3) tube
furnace with carrier gas flowing the elements over the film during heating. Due to the high toxicity
of H,S, elemental sulfur was the only sulfur source used in this thesis.

3.3.2 Physical Processes of Annealing
3.3.2.1 CIGSeS Material System

Crystal Phase Formation
The crystal phase formation of chalcopyrite CIGSe has been investigated theoretically,

using models based on epitaxially initiated solid-state formation reactions [54]. Thermodynamic
analysis showed the ternary phase formation must proceed through the combination of binary
phases [54]. Experimental proof, including in situ XRD, for the following reaction pathways to
chalcopyrite CISe, CGSe, and CIGSe crystal formation was also provided in [54]:

CuSe+ InSe — CulnSe, (3-38)
1 1
ECque+lnSe+ESe — CulnSe, (3-39)
1 1
) Cu,Se+ > In,Se;, = CulnSe, (3-40)
1 1
ECque+§ Ga,Se; — CuGaSe, (3-41)
3 1
2 CulnSe, + 2 CuGaSe, — Culn, .;Ga, ,sSe, (3-42)

Hergert recommends specific sets of annealing conditions to enhance grain growth based on the
precursor film properties. For stacked elemental layers (SEL) with Cu-In precursor, metal
precursors should be annealed in excess selenium at temperatures less than 377°C, in order to
completely selenize the precursor while preventing thermal decomposition of y-CuSe to 3-Cu,Se.
Then, the temperature should be raised above 377°C to rapidly grow the a.-CulnSe; crystal, via the
fast reaction (3-40). This annealing sequence ensures the presence of high cationic conductivity
B-Cu,Se, which greatly enhances grain growth [54]. For Ga-containing precursors, Hergert
recommends selenization of metallic precursors at 400°C and under selenium-poor conditions,
prior to final crystallization at 500°C in excess selenium [54].
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For physical vapor deposited (e.g. co-evaporation) growth of CISe, the fabrication
process typically includes a two- or three-stage deposition sequence, with an In+Se phase followed
by a Cu+Se phase, as described in Chapter 2. By growing slightly In-rich during the first phase of
deposition, B-In,Ses phases will be favored over y-In,Ses. Hergert suggests that the layered
structure of B-In,Ses facilitates Cu* diffusion, thereby increasing grain growth and reducing
defects [54].

Crystal Phase Decomposition at the Molybdenum Back Contact
By considering the free energy changes associated with possible reaction sequences of

CulnSe; with the molybdenum back contact, assuming the final formation product of MoSe;, the
thermodynamic favorability of the given reactions may be evaluated [56].

2Cu,Se +Mo — 4Cu + MoSe, (3-43)
21n,Se; + Mo — 4InSe + MoSe, (3-44)

First considering the interactions between the binary components of CISe (Cu,Se and In,Ses) with
the molybdenum, Scragg evaluates the free energies of the reactions (3-43) and (3-44) shown
above, as 5kJ/mol and 2.9k]J/mol [56]. Considering the additional energy that would be required
to decompose the ternary CISe into the binaries and the positive values of the binary interactions,
the formation of MoSe; can be generally considered thermodynamically unfavorable [56]. As will
be shown in the next section, the thermodynamic stability of the Mo back contact in the CISe
material is shown to be much higher than that of the thermodynamic stability of the Mo back
contact in the CZTS(Se) material system [56, 60].

3.3.2.2 CZTS Material System

Crystal Phase Formation
The crystal phase formation of kesterite CZTS has been investigated both experimentally

[19, 55] and theoretically, using models based on epitaxially initiated solid-state formation
reactions [55]. Hergert’s model predicts that kesterite CZTS may be formed via the following two
reaction pathways [19, 55, 61]:

Cu,S/Cu,S/ CuS +ZnS + S5nS'/ SnS,(£S) = Cu,ZnSnS, (3-45)
Cu,S/ Cu,S/ CuS +SnS / SnS, — Cu,SnS, (3-46)
Cu,SnS;, +ZnS — Cu,ZnSnS, (3-47)

where the “/” indicates “exclusive or” and components in Eqn. (3-45) and (3-46) must be added in
stoichiometric combinations [55]. Hergert notes that the binary reaction (3-45) proceeds fastest
when Cu,S, ZnS, and SnS; compounds are involved; therefore, the author suggests that the
annealing temperature be set where the conductive Cu,S phase is stable and that sulfur be supplied
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in excess in order to promote SnS; formation [55]. Epitaxial-assisted reactions may yield Cu,SnS;
phases in well-mixed precursor films, although experimental evidence indicates these compounds
only form in Zn-deficient films [55].

Once the binary metal-sulfide precursors are formed, crystallization of the kesterite CZTS
crystal has been predicted to proceed quickly [55] and verified experimentally to take 10 - 70sec
to complete at 500°C [19]. Fabrication approaches that employ the two-step deposition reaction,
in which metal precursors are first deposited and then reacted in a sulfur environment, include
additional formation reactions which convert the metals and metal alloys into the binary metal-
sulfide precursors.

Depending on the film precursor composition and the reaction temperature, a variety of
formation reactions may take place. Further, the ramp rate to the reaction temperature can
significantly influence the reaction pathways to crystallization [19]. Low ramp rates ensure that
the diffusion of the reactive elements does not act as the rate-limiting step to crystal growth, and
the reaction pathways lead to the most thermodynamically stable phases [19]. High ramp rates
may lead to diffusion-limiting processes, which can alter the crystal growth [19].

Scragg suggests in [19] that Schurr’s CZTS formation study in [62], which used a ramp rate
of 0.8°C/s to 630°C, generally represents a low ramp rate annealing regime characterized by
thermodynamically-limited processes. In this study, Schurr utilized co-electrodeposited metal
precursor films, with Cu-rich films composed of Cu;Sn and CuZn phases, and with Cu-poor/near-
stoichiometric films containing additional CuesSns and Sn phases [62]. Note that Cu-Zn and Cu-
Sn alloys may form under room temperature, due to the high diffusion coeftficients of Zn in Cu
and Cu in Sn, respectively [19]. Scragg summarizes Schurr’s proposed reaction sequences, which
are dependent on the precursor structure, as follows [19]. Note that in Schurr’s study, the final
film contained CZTS, as well as secondary phases of Cu,SnS; and ZnS, indicating incomplete
transformation of the film [19, 62].

(170-300°C) CuSns+S — SnS, +Cu, S+ Cu,Sn (3-48)
(<570°C) Cu,S +5nS, = Cu,SnS, (3-49)
(510°C) 2CuZn+3S - Cu, S+27ZnS (3-50)
(570°C) Cu,SnS, —2Cu, S+ 5nS, (melt) (3-51)
(> 570°C) Cu, S+5nS,(melt) = Cu,SnS, (3-52)
(575°C) Cu,SnS, +ZnS — Cu,ZnSnS, (3-53)
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Scragg suggests, on the other hand, that his work on CZTS formation in [19], which used
a ramp rate of 10°C/s to 500-550°C, generally represents a high ramp rate annealing regime
characterized by kinetically-limited processes. In this work, Scragg utilized SEL metallic
(Cu/Sn/Cu/Zn) precursors, including a short precursor anneal step at 250-270°C for 3 - 5min to
improve element mixing [19]. These temperatures and short anneal times were chosen to promote
mixing and alloying of the elements but to limit phase segregation and de-wetting that may occur
if the alloying were allowed to proceed to completion [19]. After precursor annealing, the metal
films contained CusZns, CueSns, and elemental Sn phases [19]. Scragg proposes the following
reaction sequences for the high ramp annealing of CZTS, which are again dependent on the
precursor structure, as the following reactions [19]:

(350°C) CusZn, +S,(g) = Cu,S +ZnS (3-54)
(400°C) CuySny(s)+1.55,(g) = 3Cu,S(s) +55n(/) (3-55)
(500°C) Cu,S +ZnS +Sn(l)+2S — Cu,ZnSnS, (3-56)

Under rapid thermal annealing in sulfur environment, Cu,S and ZnS phases are observed
forming on the surface of the film earlier than SnS, phases, indicating that crystallization proceeds
from the top surface towards the back contact [19]. Sulfur then diffuses more slowly through the
solid surface phases, yielding diffusion-limited growth of the amorphous regions toward the back
contact, which remain Sn rich. Further Cu,S growth proceeds through a copper vacancy diffusion
mechanism, which effectively robs the CusSns phase of Cu, decomposing CusSns into CusSn and
elemental Sn [19]. Cu atoms transport to the surface and react with adsorbed S, on the surface,
yielding the overall reaction Eqn. (3-55). SnS; forms slowly in the subsurface region, due to slowed
sulfur diffusion through the solid surface phases, and it is immediately consumed by the CZTS
formation reaction, yielding the overall reaction Eqn. (3-56) [19].

This growth model was proposed, in order to explain the morphological features observed
in films sulfur annealed under high ramp rates, including voids present at the back contact
interface and bubbles/voids present in the bulk and surface. In this model, the copper vacancy
diffusion mechanism yields voids at the back contact once all of the copper has been consumed
[19]. The larger bubbles, both intact and collapsed, are attributed to the formation of liquid Sn in
the subsurface of the films. This liquid Sn might enhance vacancy agglomeration, creating voids
or bubbles [19]. For off-stoichiometric compositions, including Zn-rich and Zn-poor conditions,
slightly modified reaction sequences are proposed in [19].

It is suggested that, since the Cu-Zn and Cu-Sn alloy phases must ultimately decompose
before forming the metal-sulfide binaries, as shown in reactions (3-54) and (3-55), then there is no
benefit to the precursor alloying employed in this study [19]. Scragg indicates that studies with
and without the precursor alloying step showed similar results, although it is unclear under what
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annealing conditions this might apply [19]. Notably, both high and low ramp rate regimes involve
the transformation of metal alloys to metal-sulfide binaries before ultimate transformation to
CZTS [19, 62]. Other studies [63], however, including original work presented in Chapter 8 of this
thesis, do show benefits associated with precursor alloying.

Crystal Phase Decomposition at the Surface
As briefly detailed in Section 2.3.2, major challenges to the fabrication of quality CZTS

absorber layers include the loss of Zn, Sn and S during the crystal formation processes, either
during heated deposition steps or post-annealing steps [18, 59]. While ZnS and Zn alloys are
relatively stable, elemental Zn has a high vapor pressure and may be evolved from the film under
high temperature and low pressures [29, 61].

Many works have demonstrated the loss of Sn and S at elevated temperatures, and this loss
has been attributed to the evolution of SnS from the films [58, 59]. The reverse reaction to Eqn.
(3-45), with direct decomposition to gaseous SnS, was proposed by Weber as the mechanism for
this loss [58]. However, thermodynamic models developed in [59] indicate that the decomposition
must proceed in a slightly more nuanced two-step process, in which CZTS first decomposes into
solid binary components and then solid SnS converts into gaseous SnS, as shown below:

Cu,ZnSn" S,(s) = Cu,S(s) + ZnS(s) +Sn" S (s) + % S,(2) (3-57)

SnS(s) = SnS(g) (3-58)

Scragg emphasizes that the driving force for decomposition is not the volatility of SnS but in fact
the thermodynamic instability of Sn(IV) in CZTS under conditions of high temperatures and low
sulfur pressure [59]. The loss of SnS due to its high vapor pressure, driven by the final reaction
step (3-58), simply makes the decomposition process irreversible [59].

In any case, Sn and S are lost from the film via evolution of SnS. In open systems, in which
these evolution products may be swept away, the decomposition reactions are irreversible and the
film loses Sn and S, frequently developing voids. Notably, these decomposition reactions have
been shown to be reversible in the presence of sulfur and tin sulfide vapor [59, 64]. In order to
achieve stable CZTS surfaces at 550°C, Scragg recommends maintaining sulfur partial pressure
greater than (2.310.7)x10* mbar (~17mtorr) and the product of partial pressures psas(ps2)'/* greater
than (3.8+1.2)x10”° mbar (~0.029mtorr) [59]. Note that for a sulfur partial pressure of 2.3x10*
mbar (17mtorr), a SnS pressure greater than 2.5x10 mbar (~2mtorr) must be maintained to meet
the criteria above.

Crystal Phase Decomposition at the Molybdenum Back Contact
In addition to phase decomposition induced at the surface of the CZTS films, detrimental

phase decomposition also occurs at the molybdenum back contact as a result of an interfacial phase
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formation reaction, MoS; [60]. Using thermodynamic models similar to those briefly described in
Section 3.3.2.1, the interfacial reaction for CZTS with Mo may be described according to (3-59),
which has a calculated negative free energy change of -150k] at 550°C [60]:

2Cu,ZnSnS, + Mo — 2Cu,S +27ZnS +25nS + MoS, (3-59)

This large negative free energy suggests a potent driving force for the reaction, although ultimately
the kinetics (e.g. the active energy barrier) associated with the reaction will determine if, and how
quickly, it proceeds [60]. If the reaction were to proceed, then it is expected that MoS, and the
binary metal sulfide components shown in Eqn. (3-59) would be present at the back contact.
Notably, annealing in a sulfur environment also generates interfacial MoS, phases by the direct
reaction of diffusing sulfur with the molybdenum back contact [60].

To isolate these effects, annealing was performed using a glass cover in direct contact with
the sample, such that sulfur overpressure was maintained without introducing additional sulfur
into the film [60]. The experimental results support the reaction sequence described above,
indicating decomposition of CZTS at the back contact into constituent metal sulfide binaries [60].
Maintaining high sulfur overpressures can mitigate the reaction in Eqn. (3-59) but can also cause
the growth of thick MoS; layers. Scragg suggests, however, that thicker MoS, may be preferable to
thinner MoS, with phase decomposition [60]. In either case, alternative back contact materials
may provide improved performance [60].

Annealing Parameter Effects
Due to the difficulty in providing a reactive S, and/or SnS environment during growth of

CZTS thin films (e.g. during physical vapor deposition), the best processes have involved two-step
deposition reaction sequences [59]. In these two-step processes, metallic C-Z-T or sulfur-
containing C-Z-T-S precursor films are deposited at low temperatures, followed by annealing at
higher temperatures in S, and/or SnS environments [59]. Many research efforts have been made
to investigate the effects of these annealing parameters on the properties of the films, including the
reaction temperature, the temperature profile, and the background gas, as well as the effect of
precursor film properties on the final sulfurized films.

Reaction Temperature
Most literature reports maximum reaction temperatures >500°C, see for example

[18, 19, 31, 65-67]. Systematic investigations of the reaction temperature, such as those by Han
[68] and Emrani [66] summarized below, provide experimental support for optimized reaction
temperatures in the range of 500 - 550°C. Notably, these optimized reaction temperatures are
significantly higher than the often referenced and generally accepted 400°C isothermal pseudo-
ternary phase diagram by Olekseyuk [69]. As discussed in the previous sections, kinetics can alter
the crystal reaction pathways, possibly driving the optimum kesterite CZTS phase formation
temperature to these higher (>500°C) values.
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Han investigated the effect of reaction temperature on annealing of sulfur-containing co-
sputtered precursors. Using a tube furnace, annealing was performed under flowing nitrogen and
H.S (5%) for 1 hr at the maximum reaction temperature, which was varied from 250 — 550°C (ramp
time not specified) [68]. At 250 and 300°C, the sulfur annealed films contained mostly phases of
Cw:SnSs, SnS; and Cu,.S, as determined from Raman spectroscopy [68]. Above 300°C, the
dominant Cu,.,S Raman mode declines rapidly to zero, and the standard assigned CZTS peaks
dominate the spectra. Notably, however, all films annealed above 300°C also showed peaks near
167cm™, which the author designates unidentified [68]; this peak may be associated with a SnS
phase [70].

Bright-field transmission electron microscopy (BF-TEM) imaging was performed on
sample cross-sections, along with selected area electron diffraction (SAED), in order to study the
crystallization behavior of the samples [68]. These measurements indicated that, at lower
temperatures (250 - 300°C), crystallization processes started at the surface of the films and
advanced toward the back contact, evident as a crystallized top section and amorphous bottom
section. Notably, the thickness of this amorphous section decreased with increasing temperature
[68]. Compositional gradients were observed on the lowest temperature (250°C) samples, which
was attributed to segregation of Cu,.S phases on the film surface [68]. From 350 - 550°C, the films
were generally more uniform in composition, although some Cu-rich and Zn-rich regions could
be seen, which were also attributed to phase segregation and included Cu,.S and ZnS phases [68].

Emrani investigated the effect of reaction temperature on annealing of sputtered SEL
metallic precursors [66]. Using a tube furnace, annealing was performed with unspecified carrier
gas and H,S (4-8%) for 2.5hr ramp times and 3 - 4hr dwell times at the maximum reaction
temperature, which was varied from 500 - 575°C [66]. Increasing the reaction temperature was
shown to increase the crystallite size, decrease the number of voids, and decrease the formation of
secondary phases [66]. The best performing solar cell devices were fabricated using a 550°C
annealing temperature; the degraded performance at 575°C was attributed to grain coarsening and
associated deterioration of the junction [66]. Note, the cation ratios of Zn:Sn remain relatively
constant with increasing reaction temperature, and the Cu:(Zn+Sn) ratios increase slightly with
increasing temperature [66].

Ramp Time

Several groups have reported the effects of the temperature ramp rate during sulfur
annealing on the morphological, compositional, and structural properties of the resulting films
[19, 71, 72]. As detailed in an earlier section, Scragg proposes modifications to the reaction
pathways based on the temperature ramp rate, discussing a low ramp rate regime (0.8°C/s) and a
high ramp rate regime (10°C/s) [19]. High ramp rates may cause kinetically-limited growth
behavior, thereby altering the reaction pathways to CZTS crystal formation. It is suggested in [19]
that, for near-stoichiometric compositions, crystallization proceeds from the top surface towards
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the back contact, due to the rapid formation of Cu,S and ZnS near the surface. Sulfur then diffuses
more slowly through the solid surface phases, yielding diffusion-limited growth of the amorphous
regions toward the back contact, which remain Sn rich. This model was developed to explain
morphological features observed in films sulfur annealed under high ramp rates, including voids
present at the back contact interface and bubbles/voids present in the bulk and surface [19]. For
off-stoichiometric compositions, including Zn-rich and Zn-poor conditions, slightly modified
reaction sequences are proposed in [19].

Ge investigated the effects of two temperature ramp rates on the annealing of co-sputtered,
partially-sulfurized precursors [71]. Using a gas reaction furnace, annealing was performed under
flowing argon and H.,S (5%) for 1 hr at 550°C. The ramp time was varied between of 2°C/min
(~0.033°C/s) and 21°C/min (~0.35°C/s), values considered in [19] as the low ramp rate regimes
[71]. Varying precursor compositions were studied by varying the sputtering power of the CuSn
target during deposition, although as-deposited compositions are not provided [71]. Notably, final
film compositions, including those sulfur annealed under the slow and the fast ramp rates, were
highly non-stoichiometric with severe Zn-deficiencies [71]. To eliminate the effect of film
composition on the interpretation of results, only the near-stoichiometric films are discussed here,
where the slow ramp rate sample is denoted s1 and the high ramp rate counterpart is denoted t1.
The Cu and Zn concentrations decreased dramatically with high ramp rate annealing compared
to low ramp rate annealing, with Cu:(Sn+Zn) decreasing from 0.96 to 0.67 and Zn:S decreasing
from 0.93 to 0.53 [71]. The sulfur ratio in the films, S:metals, also increased significantly in the
higher ramp rate sample, 1.46, compared to the lower ramp rate sample, 1.00. Ge attributed the
higher Sn concentration in the high ramp rate films to the formation of surface phases of Cu,S and
SnS, phases, which slowed sulfur diffusion into the film interior and protected a sub-surface layer
of liquid Sn [71]. Bursted bubbles evident in the film under high ramp rates were attributed to the
elemental liquid Sn, although the author did not detail this mechanism [71]. The proposed
reaction sequence is similar to that presented in [19], except that Scragg argued that only Cu-S and
Zn-S phases form at the surface, not SnS, phases as Ge argues. The phase purity of the annealed
samples cannot be adequately compared because the Raman spectra show only a narrow range of
wavevectors, outside of which many of the secondary phases, such as SnS [70], fall. The main
takeaways form this work are that higher temperature rates can cause: 1) severe morphology
damage through the creation of voids and bubbles, and 2) severe Cu and Zn deficiencies in films.

Yoo investigated the effect of varying temperature profiles on the annealing of SEL metallic
precursors [72]. A low temperature profile, denoted LT, included a 5min ramp to 440°C with
20min dwell time; the high temperature profile, denoted HT, included a 10min ramp to 440°C
with 10min dwell time followed by a 5min ramp to 550°C with 25min dwell time. Using a two-
zone tube furnace connected to a vacuum pump, annealing was performed using elemental sulfur
heated to 180°C upstream of the sample. The LT annealing profile yielded highly non-uniform
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tilms, with many voids and rough morphologies, as well as laterally inhomogeneous compositions
[72]. The HT annealing profile improved the surface morphologies and the composition
uniformity, but the films still appeared rough with many voids. Using a combination of XRD and
Raman spectroscopy, SnS;, Cu,«S, Cu,SnS; and ZnS phases were identified in the LT samples [72].
The HT samples, on the other hand, showed only the typical CZT'S peaks. Films showed significant
losses of Sn using both LT and HT annealing profiles. Yoo attributed this Sn loss to insufficient
sulfur overpressure during annealing [72].

Dwell Time
Fernandes investigated the effect of dwell time at the maximum reaction temperature on

the annealing of Cu-poor, Zn-rich SEL metallic precursors [73]. Using a tube furnace, annealing
was performed under flowing nitrogen and elemental sulfur at 520°C, with a 50min ramp time and
dwell times varying between 10 - 60min [73]. By comparing front and back surface compositions
using EDS, Fernandes determined that the interdiffusion of the metallic elements was incomplete
after 10min, demonstrated by the widely varying atomic ratios of the elements. Compositional
uniformity generally improved with increased time, but results were somewhat distorted by
material losses from the film that were suggested by the decreasing film thicknesses with increasing
sulfurization time [73]. Longer dwell times were also shown to increase the grain size and to
increase the presence of a CusSni; phases. Other secondary phases were also identified in all films:
CusSnSs, SnS and Cu,S. KCN etching, however, was used to remove the unwanted Cu,S phases.
The best solar cell device performance was achieved using films annealed with the shortest dwell
time of 10min, which Fernandes attributed to the presence of degrading CuSn, phases in longer
dwell time samples [73].

In the reaction temperature study [68] summarized in a previous section, Han also
investigated the effect of dwell time on the annealing of sulfur-containing co-sputtered precursors.
Films were annealed at 500°C with dwell times varying between 10 - 60min [68]. Raman spectra
indicated primarily CZTS peaks with additional SnS, peaks that increased in intensity with
increasing dwell time. The SnS, emergence at longer dwell times was attributed to stoichiometric
deviations that result from “overheating” [68]. The BF-TEM images and SAED measurements
indicate that small crystallites form in the amorphous bulk matrix between 10 and 30min,
indicating “partial crystallization”. The size and density of the crystallites slowly increase with
increasing dwell time, eventually achieving “full crystallization” after 60min [68].

Background Gas
The background gas environment during annealing plays an important role in the CZTS

crystal formation process. Some works have suggested that CZTS film quality improves with the
use of H,S as the sulfur source during annealing compared to elemental sulfur vapor [61, 74], where
the H,S usually is mixed at 5% with either nitrogen or argon carrier gas [61, 71, 74, 75]. At least
one report investigates the effect of H»S concentration on film properties and device performance,
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indicating an optimized concentration of around 3% [76]. H.S is highly toxic and less toxic
elemental sulfur represents a preferred sulfur source [74]. In [74], annealing similar
composition metallic precursor films with similar thermal profiles, H,S yielded much larger grains
(5um) compared to elemental sulfur sources (lum). The samples annealed in H,S also
demonstrated higher optical absorption and lower carrier concentrations compared to elemental
sulfur [74]. However, the films annealed in element sulfur demonstrated better film coverage and
uniformity; films in annealed in H,S contained large voids populated with MoS; phases and small
Zn-S and Sn-S particles [74].

Salome noted the success of both H,S annealing and precursors exposed to hydrazine, and
so investigated the role H, might play in the annealing process [61]. CZTS films were fabricated
by two methods, involving evaporation of Cu-Sn-S and annealing to form Cu,SnS; followed by
sputtering of ZnS or Zn layers: 1) Cu,SnSs + ZnS or 2) Cu,SnS; + elemental Zn. Using a tube
furnace, final annealing to form CZTS was performed under flowing carrier gas and elemental
sulfur at 530°C, with a 55min ramp time and dwell time of 20min. To investigate the effect of Ho,
one set of samples was annealed using a carrier gas of 100% nitrogen and another set of samples
was annealed using a carrier gas mixture of 95% nitrogen and 5% H, [61]. The presence of H, was
shown to significantly enhance the diffusion of Zn in the films for the ZnS precursor. In the
absence of H,, Zn diffusion into the films consisting of ZnS precursor is very low. Zn diffusion
into the films improved with Zn metal precursors, but the films also experienced Zn losses due to
the high vapor pressure of elemental Zn. Therefore, the author recommends using Zn§$ precursor
with an H;, environment during annealing to achieve the best films [61].

The effect of the sulfur background pressure on the annealing of SEL metallic precursors
was investigated in [19]. Using a rapid thermal annealing system with graphite container,
described in detail in [19], samples were annealed at temperatures between 520 — 580°C with a
background pressure of elemental sulfur varying between 6 — 140mbar. The grain size decreased
dramatically with increasing background pressure (from 30mbar to 570mbar), while the number
of voids decreased with increasing background pressure [19]. A clear shift in the stability of Sn in
the films can be observed at pressures of Ilmbar and 100mbar. The Sn concentration decreases
dramatically after 10min of annealing at 550°C with 1mbar pressure, while the Sn concentration
remains significantly more stable with 100mbar pressure [19].

Zhang also investigated the effect of background pressure on the sulfur annealing of sulfur-
containing sol-gel deposited precursors [77]. Using a tube furnace, annealing was performed
under flowing argon and elemental sulfur at 580°C, with a 60min dwell time (ramp time not
specified). Base pressures in the furnace were adjusted to latm (0.1MPa) or 0.4atm (0.04MPa)
[77]. The average sample compositions were largely unaffected by the base pressures investigated,
with ideal Cu-poor, Zn-rich compositions measured by EDS. Similar to [19], the grain size
decreased significantly with increasing pressure, varying from ~1.0um at 0.4atm to ~0.5um at
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latm. Films annealed under both base pressures exhibited compact morphologies with few voids
[77]. A higher number of ZnS phases appeared to decorate the surface of the low pressure sample,
although both high and low pressure samples showed these surface features. Other notable
differences included a decrease in the thickness of interfacial MoS, from 230 to 110nm and a
decrease in the band gap from 1.42 to 1.39¢V with decreasing pressure from latm to 0.4atm [77].
Most significantly, however, device efficiency increased from 4.1% to 5.7% with decreasing base
pressure. This efficiency improvement originated from the higher FF and V.., which the author
attributes to the larger grain size and smaller SnS content in the low pressure annealed films [77].

As detailed in Crystal Phase Decomposition at the Surface, CZTS requires an
overpressure of SnS during annealing in order to prevent film decomposition. At high enough
sulfur background pressures, however, the required partial pressure of SnS drops to very low values
(3.8x10°mbar) [59], suggesting that SnS background gas may not be necessary to prevent
decomposition, especially for sealed or partially-sealed systems, in which the evolution of SnS will
be self-limiting as SnS accumulates above the film. Redinger investigated the effect of including
elemental Sn with elemental sulfur in a graphite annealing box during annealing at 560°C for 2hr,
demonstrating dramatic improvement of device efficiency with the inclusion of the Sn [64]. These
annealing conditions were not optimized, as Redinger notes, and so represents a somewhat limited
perspective on the effectiveness of Sn atmosphere in improving the properties of annealed films
[64]. A review of the literature did not reveal any other studies investigating the effects of Sn/SnS
on the properties of annealed films.

Precursor Composition and Structure
As Platzer-Bjorkman summarizes in [29], reported literature has shown conflicting trends

regarding the effects of precursor sulfur-content on the properties of annealed films. One study
investigated sulfur annealing (H.S) of metallic and sulfur-containing precursors deposited by
e-beam evaporation, indicating a large increase in grain size and quality for the sulfur-containing
precursors. The work detailed by Platzer-Bjorkman, however, demonstrated opposing and more
nuanced results, which the author notes may result from variations in the precursor composition
and structure, as well as the influence of the sulfur source (H,S vs. elemental sulfur) [29].

The work in [29] investigated the effect of sulfur-content in the precursor films on the
properties of the sulfur annealed films. Metallic and sulfur-containing (14 — 18% concentration)
precursor films were fabricated by co-sputtering of CuSn targets and Zn (or ZnS) targets [29].
Using sealed quartz ampoules containing elemental sulfur, annealing was performed at 520°C with
a lhr ramp, 2hr dwell and 5 - 6 hour cooldown period. A range of cation ratios was investigated
for the precursors, including Zn-poor, Zn-rich, Cu-poor and near-stoichiometric [29]. The sulfur-
containing precursors were amorphous, while the metallic precursors were crystalline, exhibiting
CueSns and elemental Sn diffraction peaks. After annealing, the metal precursor films
demonstrated increased grain size relative to sulfur-containing films, but sulfur-containing films
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were generally more uniform and contained fewer voids [29]. Further, the metal precursors
experienced greater Sn loss than sulfur-containing precursors. All films contained secondary
phases [29].

The relative decrease in grain size of the sulfur-containing precursors after annealing was
attributed to the formation of a higher number of crystal nuclei during annealing. These nuclei
limit the grain growth, and therefore grain size, by inhibiting grain boundary migration and
recrystallization processes [29]. The presence of the sulfur in the precursors facilitates the
formation of these nuclei during the sputtering process and/or at the early part of the annealing
process [29]. Metallic precursors, on the other hand, can only form crystallites where sulfur has
been supplied (e.g. at the surface and as it diffuses), which constrains the number of nuclei formed
and facilitates the growth of larger grains [29]. Finally, the smaller volume expansion that takes
place with the sulfur-containing precursors (2 - 2.5X) compared to the metallic precursors
(2 - 4X) likely reduces stress-cracking in the films [29].

Gurav investigated the effects of low-temperature annealing of co-electrodeposited
metallic precursors on the properties of sulfur annealed films, using a similar approach to that
presented in Chapter 8 of this thesis [63]. This precursor annealing operation, denoted soft
anneal, was performed under latm of argon for lhr at temperatures between 250 - 350°C [63].
Final sulfurization was performed under flowing nitrogen gas and H,S (5%) at temperature of
580°C, with a 2hr dwell time (ramp time not specified). The compositions of the precursor films
changed significantly after soft annealing, with Zn concentrations decreasing significantly with
increasing temperature; the Cu:Sn ratio remains stable (varying < 10%) for the soft annealing
temperatures investigated [63]. The Zn loss can be attributed to the high vapor pressure of
elemental Zn, as previously discussed. X-ray diffraction showed the intensification of the CusSns
phase and the formation of CusZns with increasing soft anneal temperature [63]. After sulfur
annealing, the as-deposited sample gave the most uniform compact film without voids, at least for
the SEM images presented. The sample soft annealed at 300°C showed relatively larger grains but
contained pinhole voids. The sample soft annealed at 350°C exhibited large inhomogeneities. The
compositions of the soft annealed precursors change considerably after sulfurization, with relative
Zn concentrations increasing dramatically with sulfurization, although no explanation was
provided. The S:metal ratio also increased with increasing soft anneal temperature, with the sample
soft annealed at 300°C showing the nearest-stoichiometry composition with S:metal = 1.13 [63].

3.3.3 Experimental Details

3.3.3.1 Vacuum Annealing
Vacuum annealing was performed on pulsed laser deposited CIGSe thin films using the

EETD PLD deposition chamber shown schematically in Fig. 3-1. Samples were mounted to the
heater block using DuPont 4929N silver paste. The chamber was evacuated to < 5x10 torr. The
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samples were then heated for 2hr at temperatures ranging from 300 — 500°C and allowed to cool
passively back to room temperature.

3.3.3.2 Rapid Thermal Annealing (RTA)

Rapid thermal annealing was performed on CZTS films and Mo-coated glass substrates
using an AG Associates Heat Pulse 210 rapid thermal processor. Samples were heated for
30 - 150sec at temperatures ranging from 300 - 550°C, while flowing dry nitrogen gas at latm over
the samples. Samples were allowed to cool under nitrogen gas flow to < 150°C before removal
from the processor.

3.3.3.3 Sulfur Annealing
Two generations of sulfur annealing chambers were built in order to investigate the effects

of annealing on CIGSeS and CZTS thin films. Caution: annealing samples in elemental sulfur
environment may generate hazardous byproducts, such as H,S and SO,. Consult your
environmental health and safety group for additional guidance. The first generation design
utilized a simplified, sealed chamber approach, in order to mitigate the risks associated with
hazardous sulfur byproducts. The second generation design utilizes a Sulfatreat filter, in order to
extract any trace quantities of H,S or SO, that may be generated during the annealing process. In
both cases, the enclosure volumes were minimized to the extent possible, in order to use the least
amount of elemental sulfur possible during an annealing process (< 30mg). Secondary exhaust
was provided on the chambers to further mitigate exposure.

Generation #1

The Generation #1 sulfur annealing system was configured as shown in Fig. 3-15. The
system consisted of 2-inch diameter, thermal vacuum chamber components connected as shown
to a high vacuum pumping system. The active chamber volume was heated up to 500°C using
heater tape would around its exterior and sealed using a manual vacuum valve. In order to prevent
overheating of the vacuum valve components (max continuous use temperature of 200°C), it was
necessary to add another chamber section to thermally isolate the valve. Therefore, the sealed
chamber volume consisted of the actively heated volume, shown in Fig. 3-15 with the heater tape,
and a cooler section to the right used to isolate the valve.

The sample was installed into the system, along with a small quantity (~13mg) of elemental
sulfur, and the chamber was then evacuated to < 10”torr and sealed. Samples were subsequently
heated for 1hr at temperatures ranging from 300 — 500°C, then allowed to cool passively back to
room temperature. This system was used only for the sulfur annealing of pulsed laser deposited
CIGSe thin films. Notably, the Gen#1 sulfur annealing system did not achieve significant sulfur
incorporation into the CIGSe thin films, with surface sulfur concentrations < 15at% and
compositional gradients through the thickness clearly evident. This low sulfur incorporation is
attributed to two sources: 1) low background pressures associated with the small masses of
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elemental sulfur used relative to the chamber volume, and 2) rapidly declining sulfur pressures
caused by condensation of the elemental sulfur in the cooler sections of the chamber. The low
sulfur incorporations into CIGSe films actually proved fortuitous, as high levels of incorporation
were later shown to displace too much of the Se, degrading the crystallinity and the electronic
quality of the films.

Heater Tape Quartz Liner Tube Manual Vacuum Valve

() @» @ .Z b @b @»

1=

b @ @@ - o @& @&
-\ Film Sample
Elemental Sulfur (~ 13mg) I—I

Turbo Pump

Fig. 3-15. Schematic of Generation #1 sulfur annealing chamber

Generation #2

The Generation #2 sulfur annealing system was configured as shown in Fig. 3-16. The
system consisted of a small thermal vacuum chamber with a graphite annealing box assembly. The
graphite box (Graphite Machining Inc.) was match-machined to provide a tight fitting lid,
providing a reasonable but imperfect seal. A heater block assembly, utilizing a Firerod cartridge
heater, provided heating up to 600°C. The graphite box was bolted to the heater block assembly
with high-temperature Inconel Belleville washers (Solon Mfg), in order to maintain clamping load
as the bolts thermally expanded at high temperatures. The entire assembly was contained within
a stainless steel sheet metal radiation shield, in order to minimize radiation losses during heating.
Inlet and exit meter valves were used to control the Argon flow through the chamber during
annealing. A vacuum valve was used to isolate the roughing pump from the chamber, as shown.
A MassVac inline filter with Sulfatreat insert was used at the inlet of the roughing pump to prevent
any trace H,S or SO, from corroding the pump and to minimize potential exposures. All annealing
operations were performed under negative gauge pressures (-150torr) to further minimize gas
escape.

Films were installed into the graphite box with a small quantity (3-25mg) of elemental
sulfur. The chamber was then evacuated to < 10°torr and purged twice with Argon gas up to
atmosphere. A constant background pressure of 600torr was maintained with a small Argon flow
(< 5sccm), adjusted using the meter valves. The ramp rates and dwell times were then programmed
into the temperature controller, typically 7min ramp with a 10min dwell at 560°C for 10min. After
annealing, the graphite box was passively cooled under flowing Argon to < 120°C.
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Fig. 3-16. Schematic of Generation #2 sulfur annealing chamber

The graphite box was based on the design reported in [19], but the lid was bolted in this
case to improve the seal and to remove the reliance on background pressure to modulate the sulfur
pressure in the box. Based on the mass of elemental sulfur and the volume of the graphite box, the
maximum sulfur gas pressure can be estimated as described in the next section. Due to out-
diffusion of the sulfur, the pressure likely decreases at the annealing temperature; for this reason
annealing times are frequently kept short. The machine drawings for the graphite box are shown
below in Fig. 3-17 and Fig. 3-18. The graphite base variation without the hole (flag feature 1) was
used to perform sulfur annealing and prevent sulfur escape; the graphite base variation with the
hole was used to perform low-temperature Argon annealing of the precursor films.

Properties of Sulfur
For this thesis, elemental sulfur (Sigma Aldrich, 99.998% metals basis, P/N: 213292-250G)

contained in a closed or partially-closed volume, provides the background sulfur pressure
necessary to achieve proper crystal phase formation. In order to ensure that proper sulfur
pressures are maintained during annealing, as discussed in Crystal Phase Decomposition at the
Surface, the proper amount of elemental sulfur must be included in the volume with the sample.
To this end, a brief summary of the properties of elemental sulfur is provided here.

Elemental sulfur vapor consists of a mixture of sulfur molecules, S, (n = 2...8), which have
partial pressures that vary with both temperature and total pressure [78]. At 550°C and under
saturation conditions, Rau reports that the S¢ — Ss species of sulfur dominate the mixture with a
total saturation pressure of 3.6atm [79]. The internal volume of the graphite annealing box used
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in this work is approximately 3.36cm’. Using experimental density data provided in [79] and this
tixed internal volume of the graphite box, the following fitting can be used between 0.5atm (2.3mg)
and saturation pressure of 3.56 atm (ms = 38mg):

Py, =0.08677mg +0.297 (3-60)

where pso is the total sulfur pressure in atm and msis the mass in mg of elemental sulfur included
in the graphite box. At masses larger than 38mg, some elemental sulfur will condense; at masses
smaller than this value, the vapor will become superheated. The mole fractions (e.g. the partial
pressures) of the sulfur components at saturation (dominated by S¢ — Ss) are presented in [79]. As
the vapor superheats (e.g. as the mass of the sulfur decreases), however, the speciation will shift
towards higher mole fractions of lower n S,-molecules [78]. Sulfur masses of 3.0mg, 4.5mg, 9.0mg,
and 25mg were used in this thesis, corresponding to sulfur vapor pressures of 0.56atm, 0.69atm,
1.1atm, and 2.5atm, respectively. Notably, all sulfur masses employed yield much greater sulfur
pressures than the 2.3x10*mbar recommended in [59]. The lowest sulfur pressure of 0.56atm
requires an associated SnS pressure greater than 1.7x10°torr according to [59]. In some cases,
elemental Sn (Alfa Aesar, 100mesh, 99.85%, P/N: AA00941-22) was also included in the graphite
box to investigate its effect on film stability and formation.
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Fig. 3-17. Graphite annealing box design: Base
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4 THIN FILM CHARACTERIZATION METHODS

4.1 ELEMENTAL COMPOSITION

Characterization techniques that investigate elemental composition typically involve firing
high-energy particles or x-rays at a substance and detecting either the spectrum of scattered
particle energies or the spectrum of radiatively re-emitted fluorescence from the substance.
Neighboring elements on the periodic table can exhibit similar physical and electronic properties,
and so their effects on the physical scattering or re-emission processes can be difficult to
deconvolute. In the case of Rutherford backscattering, Cu and Zn have significant peak overlaps
in the resulting scattering spectra, yielding a high degree of uncertainty in the analytical fitting of
the results. In x-ray emission based techniques, such as particle-induced x-ray emission (PIXE),
x-ray fluorescence (XRF) and energy dispersive x-ray spectroscopy (EDS), Cu and Zn have
partially overlapping emission peaks, which require analytical deconvolution. Some elements may
share common x-ray emission peaks due to the nature of their electronic structure, despite largely
varying atomic chemistry, such as sulfur Koo and molybdenum Lo peaks. Table 4-1 summarizes
the key overlaps for characteristic element peaks in RBS and x-ray emission based techniques.

Table 4-1. Summary of elemental peak overlaps in RBS and x-ray emission based methods

RBS PIXE/XRF/EDX
Overlap Elements
Within Layer Between Layers Within Layer Between Layers
Cu-Z7n X X
Sn - FTO X X
Sn-Ca X
S-Mo X
Cu,Zn,Sn,S - Mo X X

Rutherford backscattering provides greater accuracy, when peaks can be resolved, than x-
ray emission techniques [1], and it also provides information about the elemental concentrations
as a function of film depth [2]. Subsequently, a combination of RBS and PIXE measurements are
used to evaluate the elemental concentrations in the thin films. Specifically, PIXE measurements
are used to estimate the Cu:Zn ratios in the films, as described in Section 4.1.2.2, and the RBS
models are developed using these Cu:Zn ratios as additional fitting constraints.

4.1.1 Rutherford Backscattering (RBS)

4.1.1.1 Background and Experimental Set-up
Rutherford Backscattering (RBS) represents a non-contacting, non-destructive
characterization tool used to probe the depth-resolved atomic composition of a sample. The
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technique relies on a phenomenon known as Rutherford scattering that involves scattering of
mono-energetic alpha-particles (ionized Helium atoms) by atomic nuclei within the sample [2].
RBS spectra are obtained by measuring the quantities and energies of backscattered ions. Fig. 4-1
shows a schematic of the RBS and PIXE experimental set-up. Measurements were performed using
a National Electrostatics Corporation 5SDH pelletron tandem accelerator, with a 3.04MeV, *He**
ion beam (~1mm?® spot size), detected at a 168° scattering angle. The beam energy (3.04MeV) was
tuned to resonance with oxygen.

NEC 5SDH Pelletron Tandem Accelerator PIXE
Detector
Acceleration Stage #1 Acceleration Stage #2 Collimat
Electron Stripping olfimator

He** (3.04MeV) Beam

He: | N | . | N ||l [ HeBoaMev)Beam _
Source He- = He*

Backscatter
Detector

Fig. 4-1. RBS and PIXE Experimental Set-up

The energies of the scattered particles depend on the energy of the incident ions, the
kinematic recoil factors and scattering cross-sections of the film atoms, and the depth of
penetration of the scattered particles [2]. As one might expect, the scattered particle energy
increases with increasing energy of the incident ions. The kinematic recoil factor represents the
efficiency of energy transfer in elastic collisions, and its value increases with increasing mass of the
film atoms [2]. Consequently, scattered particle energies also increase with increasing atomic mass
of the elements.

The intensity of a given backscattering signal (e.g. the number of counts) depends on the
rate of scattering interactions between incident ions and film atoms, which in turn depends on the
concentration of a given element and its scattering cross-section [2]. The scattering cross-section
represents the probability that an incident ion of a given energy will scatter into a given direction,
in this case the backscattering direction [2]. The scattering cross-sections can depend strongly on
the incident ion energy, demonstrating intense resonances at certain energies. The non-resonant,
Rutherford scattering cross-section scales with the square of the atomic masses of the colliding
ions, as shown in Eqn. (4-2). The non-resonant and resonant scattering cross-sections, and
associated reactions, are described in more detail in Section 4.1.2.2.

As the incident ion penetrates deeper into the film, the particle loses energy due to
Coulombic interactions with electrons in the film during both ingress and egress. The
characteristic stopping powers of the elements may be used to correlate the loss of scattering
energy with the depth distribution of the retarding atoms in the film [3]. Notably, this ion braking

4-2



represents a stochastic process and yields statistically varying energy losses for a given ion
penetrating the same distance into the same material. These variations are described by the energy
straggle and cause a broadening of the scattered energy spectrum [2], thereby limiting the depth-
resolution of composition profiling.

Spectrum Trends
This section describes the trends associated with peak locations, peak shapes, and peak

intensities, in order to more efficiently apply the model fitting parameters. Fig. 4-2 graphically
demonstrates the effects of the physical parameters of the experiment on the behavior of the
backscattering spectra, while Table 4-2 summarizes these results. Figures were generated using
simulation spectra from SIMNRA [4].

a) 4000 r r - - . : b) 4000 r - . . .
o
3500 Mo - : qMO 3500 = M
Cu i . Mo
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= 3000 i Substrate * ) 7 3000 L —
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Fig. 4-2. Spectrum Trends in RBS with a) Favorable and b) Unfavorable layer configurations

With the physical principles described in the previous section, the incident ion beam
energy, element mass, and element distribution may be related to trends in the backscattering
spectra. As the incident ion penetrates deeper into the film, it loses more energy due to electronic
breaking. Consequently, the right-most, high-energy side of the peak corresponds to the
outermost surface of the layer containing that element; the left-most, low-energy side of the peak
corresponds to its innermost surface [2]. As the layer thickness increases, the width of the
elemental peak also increases due to the wider spread of backscattering energies. Furthermore, as
the element depth increases, the ion must penetrate deeper into the film before being scattered by
it, thereby decreasing the backscattering energy and shifting the element peak to the left [2].
Conversely, a reduction of thickness or a reduction of mass above a given element in the film will
increase its backscattering energy and shift the element peak location to the right [2].

As previously detailed, the backscattering energies of the particles increase with increasing
incident ion beam energy and with increasing mass of the scattering element, thereby shifting the
element peak location to the right. Finally, increasing element concentration increases the number
of backscattered particles, thereby increasing the peak intensity [2]. Based on these trends, the
most favorable layer configuration for element peak resolution and analysis can be defined, such
that outermost layers contain the highest mass elements and inner layers contain lighter mass
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elements in sequence. This configuration tends to separate out the peaks, preventing overlap and
ensuring the easiest and the most accurate fit of the simulated spectrum to the measure spectrum,
as shown in Fig. 4-2 (Zsi < Zcu < Zwo) [2].

Table 4-2. Summary of RBS backscattering spectrum trends

Category Effect Cause
Element peak shifts
Increasing depth
left (lower E) g dep
Peak Locations Increase He ion energy
Element peak shifts Increasing mass of that element
right (higher E) Decreasing mass of element(s) above it
Decreasing thickness of element above it
Peak Thickness Pea.lk thickness Increasing thickness of layer containing
increases that element
Peak Intensity ~ Peak intensity increases Increasing element concentration
Slope of left-most
P Increasing film roughness
(lower E) edge flattens
Peak Shape

Left-most (lower E) Energy straggle

edges smoothen Detector resolution

Film roughness and energy straggle both modulate the shapes of element peaks. Film
roughness causes effective variations in the thickness of the layer, due to changes in the path length
of the backscattered particle, and results in a sloping of the left-most, low-energy side of the
element peak [2]. Energy straggle, resulting from the randomness of ion collisions with the
elements in the film, yields a statistical distribution of energies that tends to smooth out the left-
most edges of the element peaks and typically limits depth resolution to 10 - 20nm [2]. Detector
resolution can further smooth edges as a result of statistical variations in detection [2].

4.1.1.2 Analysis and Modeling

Software
SIMNRA 6.0 software, developed by Matej Mayer at the Max-Planck-Institut fur

Plasmaphysik, simulates backscattering spectra for high-energy ion beams [4]. The user inputs
properties of the experimental configuration, the target (e.g the sample), and the relevant element
reactions. Experimental conditions include incident ion type and energy, scattering detection
geometry, and energy calibration parameters; relevant values for the RBS system used in this thesis
are shown in Table 4-3.
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Table 4-3. Experiment parameters implemented in SIMNRA models

Ion Type 4He
Energy 3040 keV (£5keV)
Incident Angle 0
Exit Angle 12.99
Scattering Angle 168.00
Calibration offset -14.000keV (+15keV)
Energy per Channel 2.9500 (+0.05keV)
Particles*sr 1.80x10"

The target consists of a collection of layers, which simulate the deposited film(s) and
substrate. The user specifies the properties of each layer, including thickness (at/cm?), elemental
composition (at%), and roughness (at/cm?). Each layer represents a discrete thickness, such that
the properties remain constant within the layer. Through-thickness variations may be effectively
captured by discretizing the layers into smaller thicknesses, and slowly varying the composition of
each layer. SIMTarget was developed by J.L. Calaux to facilitate the modeling of such complex
film compositions, and the software includes models for inter-layer Boltzmann diffusion [5]. Note
that layer thickness values are entered in terms of atomic surface densities, where the conversion
to film thickness is given by the following:

tym(at/ cm’) lnm
tﬁlm (nm = 3 —7
N(at/em )\ 1x10™" cm

(4-1)

where Niin is the atomic density of the layer. After the reaction list for the elements present in the
target are inputted, as described below, the user calculates the simulated spectrum. Using lattice
parameters from [6] and [7], atomic densities of Culng;sGao.sSe: and Cu,ZnSnS, were calculated
as 4.1x10*at-cm™ and 5.0x10**at-cm, respectively.

Reaction List
The scattering cross-sections for many elements follow the simple relationship first

described by Rutherford [3]:
2\? -1
o= A% | sin® (gj (4-2)
E, 2

However, many low-Z elements exhibit nuclear resonances at certain incident ion energies, which
dramatically alter the behavior of their scattering cross-sections [2]. These non-Rutherford
scattering cross-sections depend on the element and on the incident ion energy. Accurate analysis
of simulated backscattering spectra typically requires the use of non-Rutherford scattering cross-
sections for elements lighter than Silicon [8]. These non-Rutherford scattering processes involve
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nuclear reactions, and relevant data are typically referred to as reaction data. Reaction data are
available at the Nuclear Data Service’s Ion Beam Analysis Nuclear Data Library (IBANDL) [9].

Table 4-4. Table of scattering reactions used in SIMNRA modeling

Element Non-Rutherford Rutherford
0] Alphas on O16: 1769 - 5028keV RBS 170, RBS 180
Na Alphas on Na: 2000 - 6000keV None
Si Alphas on Si: 2000 - 6000keV None
Ca Alphas on Ca: 2200 - 8800keV None
Mg Alphas on Mg: 2000 - 9000keV None
Cu, Zn, Sn, S, In,
Ga, Se, Mo, Ti None ALL

As previously described, the RBS laboratory at Lawrence Berkeley National Laboratory
(LBNL) tunes the energy of the ion beam to 3.04MeV at resonance with oxygen, allowing improved
detection limits. When in direct resonance, RBS allows detection of the element at very low
concentrations, but it does not provide accurate quantitative analysis of the absolute concentration
[2]. Table 4-4 summarizes the scattering reactions used in quantitative modeling.

Sources of Error
The accurate determination of thin film composition by RBS analysis depends on a number

of factors, including the measurement of the ion beam energy, the backscattering ion detector
efficiency and energy resolution, the scattering cross-sections and electronic stopping powers of
modeled atoms [1]. Other factors, such as energy straggle and film roughness, must also be
properly captured in the modeling [1]. Literature has reported the investigation of measurement
uncertainties and absolute accuracies of RBS analyses, performed under precise calibration,
yielding values of ~1.25% and ~1%, respectively [1, 10]. Dominant sources of error in the RBS
analyses were determined to be inaccuracies in electronic stopping powers of the modeled atoms
[1]. Given that such extreme calibration steps are not performed under everyday lab conditions,
it is expected that the RBS analyses of film compositions in this dissertation likely have a higher
degree of error. However, it also expected that the majority of quantitative error in the analysis
resides in misfits between the simulated and measured spectra, and so the overall composition
errors of films analyzed in this dissertation are characterized according to these fitting errors.

The SIMNRA software contains an optimization routine in which the energy calibration,
the particles*sr, the layer composition and thickness, and the layer roughness may be optimized to
improve the fit accuracy and to calculate the fit error. However, this optimization may only
performed on one layer at a time, and frequently visually improved fits were attained by manual
iteration of the simulation parameters. In this vein, error was determined by assessing the range
of compositions that provided a visually “good” or “acceptable” fit. The composition variation for

4-6



each element in a layer that satisfies these conditions represents the measurement error in the
element concentration. In most cases, such error analysis proves quite cumbersome, and also
unnecessary for the purposes of the analysis. Where error bars are presented on measured
compositions, values were determined using the method discussed above.

As previously detailed, the thickness of the layers are inputted into the software as atomic
surface densities (at/cm?), requiring knowledge of the volumetric atomic densities of the films to
convert to physical thickness values. Energy straggle contributes to limits in depth resolution on
the order of 10 - 20nm. However, uncertainties in the volumetric atomic density likely dominate
depth resolution in most cases. Structural variations, multiple phases, point defects, strain, and
compositional gradients may all contribute to uncertainties in the volumetric atomic density,
thereby limiting certainty in a given layer thickness. As Eqn. (4-1) shows, measured film thickness,
and therefore its uncertainty, scales directly with volumetric atomic density and its uncertainty.

Film compositions and thicknesses were characterized using a combination of Rutherford
backscattering and particle-induced x-ray emission spectroscopy (PIXE) analyses. As shown in
Table 4-1, Cu and Zn element peaks strongly overlap in the RBS spectra, and PIXE measurements
are required to calculate the Cu:Zn ratios in the film, as described in Section 4.1.2.2. Since PIXE
measurements cannot provide depth-resolved information of the element concentrations, the
individual through-thickness variations of Cu and Zn cannot be determined. Subsequently, it is
assumed in the RBS fittings that the Cu:Zn ratio remains constant through the film thickness.

As stated in the previous section, the tuning of the ion beam energy to resonance with
oxygen enables detection of the oxygen at low concentrations but does not permit accurate
quantitative analysis of absolute concentrations. Notably, electrodeposition often involves co-
deposition of hydrogen (see Chapter 3), which can yield hydrogen evolution but also hydrogen
incorporation in the films. With a He ion source, H atoms cannot be detected in the backscattered
configuration, although forward-scattering ion beam techniques have been used to detect
hydrogen content in thin films [11]. Such evaluation of hydrogen concentration would be
valuable, as a review of the literature on electrodeposition of CZTS found no reports of the H-
content of the films, and this remains for future work. Electrodeposited films also frequently
contain other impurities and inclusions, such as metal-complex ions and additives [12], suggesting
the possible presence of carbon in the films (e.g. tartaric acid: C;HsOs). However, the light carbon
atoms cannot be reliably evaluated in the RBS spectra, due to their weak signal and overlap with
substrate elements. In Chapters 7 and 8, the reported oxygen concentrations are provided as
guides only, since the oxygen cannot be modeled with high quantitative accuracy and carbon and
hydrogen may contribute to the balance of components in the film. Critically, the ratios of the Cu,
Zn, Sn, and S remain unaffected by this particular uncertainty.

Measurement uncertainty was estimated according to the range of visually acceptable fits,
and subsequently, uncertainty values varied according to signal quality and interpretation.
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Calculated film thicknesses are intended as a relative guide only, and we do not provide error
estimates. Further, many RBS fittings allow multiple solutions due to element peak overlap in the
spectrum that results from the following: 1) composition distribution in the film; 2) severe surface
roughness; or 3) incomplete film coverages of the substrate. In these cases, PIXE spectra were used
to help qualitatively guide the RBS fittings, through scaling of the element peaks, although
solutions were not always conclusive. These PIXE analyses are considered qualitative, since the x-
ray production cross-sections are not well-known for elements besides Cu and Zn, and frequently
elements in the PIXE spectrum overlap, as summarized in Table 4-1. It will be noted where
compositions may not be quantitatively reliable. Finally, in many cases, through-thickness film
compositions varied, and in these cases, weighted-average compositions are provided.

4.1.2 Particle-Induced X-Ray Emission (PIXE)

4.1.2.1 Background and Experimental Set-up

Particle-Induced X-Ray Emission (PIXE) represents a non-contacting, non-destructive
characterization tool used to probe the atomic composition of a sample. The technique relies on
the emission of characteristic x-rays that result from the ionization, by bombarding He** ions, of
core-shell electrons in the analyzed atoms [13-15]. Core-shell vacancies are quickly repopulated
by outer shell (higher energy) electrons, and these de-excitations are accompanied by radiative x-
ray emissions [13-15]. X-ray emissions that result from transitions of outer shell electrons to the
inner most shell are denoted as K x-rays, emissions resulting from transitions to the next-most

inner shell are denoted as L x-rays, etc. [13-15].

PIXE measurements are taken at the same time as RBS measurements, using the
experimental set-up shown in Fig. 4-1. X-ray emissions from the film are detected using a PX4
Digital Pulse Processor with Si-PIN detector (energy resolution of ~150eV at 5.9keV) [16].

Spectrum Trends
This section describes general trends associated with peak intensities of characteristic x-

rays. Notably, emission spectra depend only on the chemistry of the atoms probed, and so
variations in characteristic peak locations result only from energy calibration errors associated
with the x-ray detector. In this thesis, possible elements present in the sample are known, and
small errors in peak location do not prevent definitive elemental identification. Relevant x-ray
emission data may be found in [17].

Peak intensity increases with increasing concentration and increasing x-ray production
cross-section of the element [13]. The x-ray production cross-section of an element generally
increases with decreasing atomic mass (the ionization cross-section increases faster than the
fluorescence yield declines) and with increasing projectile energy [15]. However, fluorescence
yield drops rapidly for elements below Al (Z=13), detection efficiency drops rapidly, and x-ray
absorption by the sample increases significantly, thereby limiting the peak intensities [13-15].
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The background radiation generated during PIXE measurements largely determines the
signal-to-noise ratio of the resulting spectra. Bremsstrahlung emission composes the primary
source of background radiation and results from He** ion braking by Coulombic-interactions with
sample electrons [13, 14]. This background signal decreases substantially with increasing mass of
incident particles, representing one of the major advantages of PIXE over EDS [13].

4.1.2.2 Analysis and Modeling
Similar to Energy Dispersive X-Ray Spectroscopy (EDS) and Electron Microprobe Analysis

(EMPA), PIXE measurements provide information on the elemental concentrations within the
sample by analysis of the x-ray emission spectra. Commercial and institutional software programs,
such as GUPIX, PIXAN, and GEOPIXE, include sophisticated models that simulate the emission
spectra [18]. In this dissertation, PIXE was primarily used qualitatively to identify elements
present in the films and quantitatively only to estimate the Cu:Zn atomic ratios.

The ionization cross-section represents the probability that an interaction between the
bombarding He** ion and an atom in the film will result in ejection of an electron from the atom
core shell [15]. However, the x-ray production cross-section (4-3) represents a more useful
quantity for chemical analysis [15], since it directly relates the sample being probed to the
parameter detected (e.g. the emitted x-ray).

o . =0 Wk (4-3)

prod ion

where Gio, is the ionization cross-section, w is the fluorescence yield, and k is the relative line
intensity. The ionization and x-ray production cross-sections vary with both the bombarding ion
mass and the sample atom chemistry [15]. Substantial bodies of data exist on the x-ray production
cross-sections for a wide range of atomic masses interacting with ionized proton (H*) beams.

Many beam lines, including the RBS lab at Lawrence Berkeley National Laboratory, use
heavier He'* ions, and the x-ray production cross-sections must be properly scaled before use in
any quantitative analysis. According to [19], the ionization cross-sections may be scaled as follows:

E
0y (E) = leapm (—1] (4-4)

Al
where Gy is the ionization cross-section of a projectile with atomic number Z, and mass number
Ay, Gprot is the ionization cross-section of an ionized proton. The values in parentheses indicate the
energies at which the ionization cross-sections are evaluated. Scaling the x-ray production cross-
sections from [15] using Eqn. (4-4), the Kol x-ray production cross-sections for Cu and Zn are

75barns and 58barns, respectively.
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The intensity of an element peak, defined as the integrated area under the peak, scales with
the concentration and the x-ray production cross-section of the element [15]. The Cu:Zn atomic
ratios may then be calculated as follows:

Cu _[ Cu,, Peak Area Zn,, Peak Area (4-5)
Zn O-prod (Cuka) Gprod (ana)
Sources of Error

The accurate determination of the Cu:Zn atomic ratio depends on the accuracies of the

calculated peak areas and the x-ray production cross-sections for Cu and Zn. The Cu and Zn Ka
peaks are closely spaced (8.048keV and 8.640keV), and so the detector efficiency and associated
counting errors for each element should be similar. Subsequently, errors in the calculation of peak
areas are expected to result primarily from errors in deconvolution and fitting of Gaussian peaks
to the overlapping Cu and Zn peaks.

The x-ray production scattering cross-sections for Cu and Zn, however, likely represent the
largest sources of errors in the analysis. X-ray production cross-sections are estimated by scaling
proton-induced x-ray production cross-sections of Cuand Zn in [15] according to Eqn. (4-4). The
proton-induced x-ray production cross-sections contain a certain amount of measurement
uncertainty, and the values were linearly interpolated from a table further introducing uncertainty.
Without knowing the measurement uncertainties of the proton-induced x-ray cross-sections or
the scaling equation, it is impossible to estimate the overall uncertainty in the calculation.
However, for Cu and 2MeV incident proton, a measurement of uncertainty of ~2% was reported
by [13], representing a lower bound. The absolute error in the calculated x-ray production cross-
sections likely exceeds 10%, although Cu:Zn ratios calculated this way should provide useful

information regarding trends in film compositions.

4.2 STRUCTURE AND MORPHOLOGY
4.2.1 X-Ray Diffraction (XRD)

4.2.1.1 Background and Experimental Set-up

X-Ray Diffraction (XRD) represents a non-contacting, non-destructive characterization
tool used to probe the structural properties of a sample, which can be used to identify material
phase, crystal structure, grain size, and film stress [20]. The technique relies on a phenomenon
known as diffraction that involves constructive interference of scattered monochromatic x-rays
at discrete angles that relate to the underlying crystal structure of the sample [20]. X-ray diffraction
measurements were performed using a Siemens D500 x-ray diffractometer with a Cu anode
(Cu-Ko wavelength 0.154 nm). Voltage and current were maintained at 40kV and 30mA,
respectively. Wide scan 20 measurements (20 — 70°) were nominally performed with a 0.05° step
size and 1 sec/step accumulation. Narrow scan 2-0 measurements were performed on peaks of
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interest with higher resolution 0.02° step sizes. In all cases, 0.3° slits were used on the source and
detector sides. The x-ray diffractometer was configured with a stationary x-ray source and rotating

sample holder and detector, as shown schematically in Fig. 4-3.

4
X-Ray Source | P> )20

Fig. 4-3. Schematic of Diffractometer

Atoms within the crystal scatter the incident x-rays in all directions. Due to the periodicity
of atoms within the crystal, however, only certain scattering angles will interfere constructively
such that the x-rays are in-phase. All other angles will interfere destructively, effectively canceling
out the scattered x-ray [20]. The condition for constructive interference is known as Bragg’s law,

and may be written as:

nA=2dsin@ (4-6)

where n is the whole number of wavelengths, A is the wavelength of the x-ray, d is the lattice plane
spacing, and 0 is the scattering angle. Fig. 4-4 shows a simple model of Bragg diffraction.

"

: A
® ® o—

Fig. 4-4. Schematic of Bragg diffraction

In a single crystal, only the family of planes perpendicular to the surface will be probed.
However, in powder or polycrystalline samples with randomly oriented crystal grains, all possible
diffracting planes will be probed. A number of factors influence the relative intensity of diffraction
peaks in “perfectly” randomized powders, including structure factor, multiplicity factor, Lorentz-
polarization factor, absorption factor, and temperature factor [20]. The structure factor and the
multiplicity factor influence the relative peak intensities most strongly under standard

measurement conditions.
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The location 26 of a diffraction peak nominally depends on the periodicity of the crystal
and therefore the underlying lattice [20]. However, the intensities of the peaks further depend on
the atomic positions within the crystal (e.g. the basis), which are effectively captured in the
structure factor [20]. Depending on the basis arrangement, the structure factor can weaken or
eliminate completely certain diffraction peaks that would otherwise be present based on the
underlying lattice [20]. The multiplicity factor represents the amplification of intensity in a given
diffraction peak caused by the presence of multiple plane families with the same lattice spacing in
a crystal, which reinforce a given peak signal [20].

Spectrum Trends
This section describes the general trends associated with peak locations, peak shapes, and

peak intensities. Bragg’s law, Eqn. (4-6), indicates that the diffraction angle 0 varies inversely with
the lattice plane spacing and therefore also the crystal unit cell size. Subsequently, decreasing the
unit cell size increases (shifts right) the diffraction angle 6. The crystal unit cell size may be
decreased through introduction of vacancies, smaller atom substitutions (as with S-Se alloying in
the CZTSSe system), and uniform lattice strain. Alignment errors in the x-ray diffraction tool can
also lead to erroneous shifts in the peak locations [20].

Table 4-5. Summary of x-ray diffraction spectrum trends

Category Effect Cause(s)

Decreasing unit cell size
Peak Location Peak shifts to the right (e.g. vacancies, substitution of smaller atom)

Increasing compressive (uniform) strain of film

Decreasing the crystallinity (grain size)

Increasing non-uniform strain
Peak Wldth Peak Wldth broadens Increasing instrument proﬁle
(e.g. increasing slit size and beam divergence)

Increasing the temperature

Increasing the multiplicity factor

Increasing the crystallinity (grain size)
Peak Intensity Peak intensity increases
Decreasing the temperature

Increasing the concentration of phase in mixture

Diffraction peak widths, typically defined as the full-width half-maximum (FWHM) values
of the peaks, are determined by a number of factors including film geometry (crystallite size and
film thickness), instrument profile, and film strain. Sharp diffraction peaks depend on
constructive interference at the characteristic diffraction angles but also on destructive interference
at the remaining scattering angles. To achieve complete destructive interference of scattered x-
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rays from a given layer of atoms, another layer of atoms must be available to scatter x-rays at exactly
180° out-of-phase [20]. For films of limited thickness or crystallite size, these deeper layers that
are fully out-of-phase may not be available, and so the x-rays scattered near to but offset from the
primary diffraction angle are not completely cancelled out, resulting in broadening of the
diffraction peak [20]. This effect can be exploited to determine the average grain size in films as
described in Eqn. (4-7).

The instrument itself also contributes to the broadening of diffraction peaks, such that
perfect crystals will exhibit finite peak diffraction widths. Two main factors contribute to this
broadening, collectively referred to as the instrument profile, including beam divergence (A8) and
finite spectral range (AL) of the monochromatic incident x-rays [20]. Decreasing instrument slit
size mitigates beam divergence but also decreases incident flux, thereby reducing peak intensities

for a given accumulation time.

For a pure, perfectly randomized powder sample, the relative peak intensities of different
reflection planes (hkl) vary as described in the previous section. Peak intensities also increase with
increasing crystallinity (e.g. grain size) of the sample. Effectively, a greater number of coherent,
constructively interfering reflection planes are available in large-grained samples. Based on this
concept, the relative concentration of phases present in a mixture may be evaluated using their
relative peak intensities after adjusting for the relative line intensity effects (e.g. structure factor,
multiplicity factor, etc) [20]. For the same reason the peak intensity increases with increasing grain
size, the peak intensity of a phase in a mixture increases with increasing concentration [20].

4.2.1.2 Analysis and Modeling

Phase Identification
Material phase and structure may be identified by comparing x-ray diffraction

measurements of samples against standards. An international organization known as the
International Centre for Diffraction Data (previously the Joint Committee on Powder Diffraction
Standards) has been working since 1969 to catalogue a standard database of sample powder
diffraction profiles [20]. In cases where JCPDS standards were unavailable, relevant literature was
consulted. The x-ray diffraction reference standards used in this dissertation, for CIGSeS and
CZTS, are listed in Table 4-6 and Table 4-7, respectively.

Table 4-6. Powder diffraction files of CIGSeS and commonly formed phases

Phase Crystal Structure JCPDS # Phase Crystal Structure JCPDS #
CulnSe, Chalcopyrite 89-5649 Cu,Se Berzelianite 88-2044
CuGaSe, Chalcopyrite 81-0903 CuySe Cubic 88-2460

Culng;GaosSe; Chalcopyrite 35-1102 CuSe Klockmannite 89-7391

CulnS, Chalcopyrite 89-6095 CulnsSes  Ordered Defect Compound [6]

CuGas, Chalcopyrite 65-1571 - - -
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The diffraction spectra for a given material represents a chemical-structural fingerprint,

and therefore the more peaks that can be matched the higher the confidence in the identification.

Film texturing and peak overlap complicate phase identification. Film texturing results in a

preferred (non-random) orientation of grains in a polycrystalline film, thereby reducing the

number of diffraction peaks in the spectra [20].

In this case, the polycrystalline shifts the

diffraction spectra towards that of a single-crystalline film (singular orientation of crystal face) and

away from that of a powder (perfectly random orientation of crystal faces).

Table 4-7. Powder diffraction files of CZTS and commonly formed phases

Phase Crystal Structure JCPDS # Phase Crystal Structure JCPDS #
26-0575, 89-2838,
Cu,ZnSnS, Kesterite Cu Cubic
34-1246 03-1015
CuS Cubic 89-2073 Zn Hexagonal 87-0713
CuisS Rhombohedral 85-1693 -Tetragonal 89-4898
Cuy05S Cubic 89-2072 Sn a-Cubic 89-4789
Cus a-Cubic 84-1770 Tetragonal 89-2565
u
’ Chalcocite 89-2670 Tetragonal 65-5224
Rhombohedral 89-2351 Monoclinic 78-0793
Hexagonal S e
; 89-7385 Triclinic 89-6764
ZnS (Wurtzite 4H)
Rhombohedral )
. 89-7386 Cubic 89-5156
(Wurtzite 15R) Mo
SnS Cubic 89-2755 Cubic 88-2331
Hexagonal ,
. 89-3198 Cubic 06-0657
(Bermdtite 4H)
SnSz H l
exagona . .
83-1706 CuzZ Cubic (Zh t 02-1231
(Berndtite-2T) uZn ubic (Zhangengite)
H 1
exago?a 75-1539 Rhombohedral 26-0571
(Molybdenite 2H)
MoS, Rhombohedral
ombohe
cre 89-2905 CusZn Cubic 65-6567
(Molybdenite3R)
CuO Monoclinic 89-5899 CwZn Hexagonal 65-6066
Cu,O Cubic (Cuprite) 78-2076 CusZng Cubic 71-0397
Cubic 77-0191 Orthorhombic 65-4653
ZnO 89-1397, CusSn )
Hexagonal y-Cubic 65-4374
89-0511
Tetragonal 71-0339,
SnO } 78-1063 CuyoSn; Hexagonal
(Romarchite) 65-3632
Orthorhombic 78-1063 CueSns Monoclinic 65-2303
SnO, 77-0452,
Tetragonal Cu,SnS; Tetragonal 89-4714
88-0287
Monoclinic Orthorhombic
MoO, . . L 78-1073 CusSnS, . 36-0218
(Tugarinovite Titanian) (Kuramite)
Cu,sSnS, Orthorhombic 71-0129 CusSn;Si6 Rhombohedral 89-4713
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The texturing may be so significant that only a single diffraction peak appears, making
definitive phase identification nearly impossible without strong inherent knowledge of the film
properties. Many factors may cause texturing in thin films, including non-uniform growth rates
along different crystal faces, epitaxial orientation, and crystal face stability [21, 22]. Moreover,
many phases may have close or identical peak locations, which may make phase identification
difficult. For instance, CZTS shares many common peak locations with commonly formed binary
and ternary compounds, such as ZnS and Cu,SnSs. In this case, a combination of composition
and structural characterization tools must be used to identify the material phases and structures
present in the film.

Grain Size Estimation

As described in 4.2.1.1, decreasing crystallite size results in a broadening of the diffraction
peak. This relationship can be exploited to determine the size of small crystallites (< 500nm).
Based on simple geometric considerations, the average crystallite size may be given by Scherrer’s
formula [20]:

g 0.94 (4-7)
Bcos0,

where d is the crystallite size, A is the wavelength of monochromatic x-rays, B is the FWHM of the
primary diffraction peak in radians, and 65 is the angular location of the peak in radians. The 0.9
pre-factor represents a geometric factor associated with the shape of the crystallite [20].
Instrument profile and film strain may also contribute to peak broadening and must be subtracted
to provide an accurate determination of crystallite size. As the crystallite size increases, and the
peak width decreases, the instrument profile will comprise a larger portion of the broadening and
the calculations becomes less accurate [20]. Frequently, researchers use the Scherrer formula to
qualitatively compare the changes in crystallite size between different samples. In this work, the
instrument profile was not subtracted from the peak broadening, and calculations therefore
represent a lower limit to the possible crystallite size. Therefore, no quantitative authority is
assigned to these measurements, and calculations are used to provide a qualitative comparison of

relative grain sizes.

In order to separate the contributions of crystallite size and film strain to the broadening
of diffraction peaks, a Williamson-Hall plot may be constructed. The widths, B, of all strong
diffraction peaks are measured. Then, Bcos6 is plotted vs. sinf (the Williamson-Hall plot). If
Bcos0 is unchanging, then the crystallite size dominates the peak broadening. If Bcos6 is a linear
function of sin®, then film strain dominates the peak broadening.

Sources of Error
A number of factors may contribute to errors in diffraction peak locations, peak widths
and peak intensities. As previously discussed, beam divergence and finite wavelength bands
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contribute to instrument profile and it associated peak broadening. System misalignment in the
source-sample-detector path may contribute to erroneous shifts in peak location [20]. Detector
inefficiencies may cause miscounts in the peak intensities, and background radiation from
fluorescence and diffuse scattering by the specimen may degrade the signal-to-noise ratio [20].

Table 4-8. Diffraction data for reference metal foils

2-0 Peak Location (° Crystal Plane
Substrate © Attributed Phase Y
Measured Reference A(°) (hkl)
43.42 43.40 -0.02 111
Cu Foil Cubic
50.56 50.41 -0.15 200
36.34 36.29 -0.05 002
39.04 38.99 -0.05 100
Zn Foil Hexagonal
43.26 43.22 -0.04 101
54.37 54.32 -0.05 102
32.06 32.02 -0.04 101
45.01 44.90 -0.11 211
Sn Foil 55.43 55.34 -0.09 B-Tetragonal 301
62.60 62.52 -0.08 112
64.67 64.59 -0.08 321

While x-ray diffraction is used to estimate crystallite sizes in some samples for this
dissertation, the technique is primarily used to identify material phases/structures present in the
samples. As such, the peak locations represent the most critical parameter measured in the films,
and possible errors must be characterized in order to understand the tolerance values used in peak
searching and identification. In order to determine the accuracy and repeatability of peak
locations, a series of calibration and repeatability measurements were performed on reference foils
and films. Calibration measurements are summarized in Table 4-8, and the repeatability

measurements are summarized in Fig. 4-5 and Table 4-9.

a) b)

Intensity (arb units)
Intensity (arb units)

39.0 . . ) 2 39.0 39.5 40.0 40.5 41.0 415

2-6(%)

Fig. 4-5. a) X-ray diffractograms of measured EMAT Mo (110) peak for 5 different installations of the same sample; b) scaled
and fitted peaks to the measured diffraction spectra
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Table 4-9. Repeatability measurements of EMAT Mo on SLG

2-0 Peak Average 2-0 Peak
Location (°) Location (°)
40.33

40.29

40.29 40.30 0.02
40.31

40.30

Substrate Measurement #

o (°)

EMAT Mo
(Corning 0215)

1O S N S

Based on the measured diffraction spectra of the metal foils and the Mo-coated SLG
substrates, the repeatability (e.g. the precision) of the measurements, £+ 0.02°, remains within the
accuracy bounds of the measurements, +0.05/-0.15°. While this collection of data represents a
distinctly small sample-size from which to draw broad statistical trends, a reasonable tolerance on
the peak matching criterion may be established such that a measured peak matches a reference
peak if the following condition is met:

26, ~0.15°<2,, <26, +0.05° (4-8)

meas

Given the large number of closely-spaced diffraction peaks among possible phases in the CZTS
system, this large tolerance band represents a substantial challenge in positive peak identification.

4.2.2 Raman Backscattering Spectroscopy

4.2.2.1 Background and Experimental Set-up
Raman Backscattering Spectroscopy represents a non-contacting, non-destructive

characterization tool used to probe the vibrational properties of a sample, which can be exploited
to identify material phase, crystal structure, film stress, defects and impurities [23]. The technique
relies on an optical scattering phenomenon known as Raman scattering that involves inelastic
scattering of monochromatic light. Raman backscattering measurements were performed using
a Horiba Jobin-Yvon LabRam Raman confocal microscope with 1800 grating and interference
filter. A 0.5mW, 488nm wavelength Coherent Argon laser was used as the monochromatic light
source, and scattered light was detected at 180°.

The incident light interacts with elementary excitations of the medium (e.g. phonons,
plasmons) and results in either the creation or destruction of one of these excitations. The creation
of a phonon (e.g. excitation) reduces the frequency of the scattered light by the frequency of the
associated phonon, causing a positive Stokes shift in the wavelength of the light. The destruction
of a phonon (e.g. de-excitation) causes a negative Anti-Stokes shift in the wavelength of the light.
At room temperature, where the population of excited phonons remains small compared to those
in the ground state, Stokes processes predominate [24]. In practice, Stokes and Anti-Stokes shifts
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provide similar information, so room temperature Raman spectroscopy typically involves
analyzing only the Stokes components [23]. Stokes and Anti-Stokes energy shifts are shown below:

Stokes: h@ —hw, =h2, (4-9)
Anti-Stokes: iw, —ha. = hQ), (4-10)

where 710; is the energy of the incident photon, 70 is the energy of the interacting phonon, and
7€), is the energy transferred to the interacting phonon from the incident photon [24].

In addition to Raman scattering, samples will also exhibit elastic Rayleigh scattering,
which results in re-emission of the incident light at the same wavelength. This remains the
strongest scattering mechanism (by a factor of 10°-10°) [23], and optical filters must be used to
remove the large background signal, as well as to protect the CCD from oversaturation [24]. When
the incident light has a wavelength (e.g. energy) close to that of an inherent opto-electronic
transition within the sample, the Raman scattering cross-sections significantly increase, yielding
higher intensities [25]. Scattering under these conditions is referred to as Resonant Raman
Scattering [25].

In order for incident light to interact with a given material, the electric field of the light
must be able to deform the electron cloud within the material and induce an oscillating electric
dipole moment thereby providing the mechanism of scattering [26]. Polarizability refers to the
ability of an electric field to induce these dipole moments, and electric susceptibility ) refers to
the relative degree to which a material is polarizable [24]. Conservation laws, as well as crystal
symmetries, contribute to the Raman selection rules that determine which phonons may be active
in Raman scattering. For instance, energy and quasi-momentum conservation require that the
wave vector of single phonon scattering processes, and that the sum of wave vectors of multi-
phonon scattering processes, lie close to the Brillouin zone origin [24].

The Raman selection rules may be assessed via the Raman tensor, which depends on the
orientation and symmetry of the crystal and relates proportionally to the Raman polarizability
(Oy/0A), where y is the electric susceptibility and A is the vibration amplitude [24]. In general,
Raman active vibration modes are those that yield changes in Raman polarizability, infrared (IR)
active vibration modes are those that yield changes in the dipole moment, and silent modes are
those that yield no changes in either [24]. Crystal imperfections, such as point defects or grain
boundaries, relax the selection rules due to a loss of symmetry in the crystal [24].

Spectrum Trends
This section describes the general trends, summarized in Table 4-10, associated with

Raman scattering peak locations, peak widths, and peak intensities. As Eqn. (4-9) indicates, the
frequency (and therefore wave vector) of the Raman shift depends on the frequency of the
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interacting vibrational crystal mode. Therefore, changes to the vibrational mode frequencies of
the sample will yield changes in the Raman scattering peak locations. A simplified vibrational
model, known as the simple harmonic oscillator, yields the following relationship:

o= & (4-11)

where o is the oscillation frequency, K is the force constant, and p is the reduced mass. Of course,
real systems are more complicated, and more complex modeling via the Raman tensor and
material physics is required to accurately predict the Raman scattering behavior. However, by
framing changes in a material system using this highly simplified model, some general trends may
be observed. Increasing the frequency of the vibrational crystal mode involved in the Raman
scattering process increases the Raman shift (shifts the peak to the right). Consequently, increasing
the force constant or decreasing the reduced mass of the oscillator shifts the Raman peak to the
right. And indeed, this trend appears in the alloyed CIS,Se.« alloy system, with a shift of the
dominant A;-band from 173 - 290cm™ as the lighter sulfur atom substitutionally replaces the
heavier Se atom (x=0 = x=1) [23].

Anharmonicity in the vibrational behavior increases with increasing temperature, as the
force constant begins to change and higher order terms in the taylor expansion of the vibrational
potential become non-negligible [27]. The effects of anharmonicity on the frequency shifts of
vibrational modes has been investigated in [27], and these shifts Ao(T) are shown generally to be
negative, such that increasing temperature decreases the mode frequency and shifts the Raman
peak to the left [27]. Such temperature-related shifts may be associated with laser heating of the
sample during the measurement. Strain can also influence the force constant by modifying
interatomic distances within the crystal. In general, compressive strain, which decreases the
interatomic spacing, increases the force constant and shifts the associated Raman scattering peak
to the right; tensile strain shifts the Raman peak to the left [23]. In a similar way, point defects in
the crystal can alter the average force constants of bonding. Vacancies have been found in some
cases to effectively weaken the force constant and shift the Raman peak left [23].

Raman scattering peak shapes depend strongly on the effective correlation length of the
crystal, which represents a metric for crystalline order. The correlation length may be limited by
defects within the crystal or by the size of the crystal, in the case of nano-grained samples [23]. The
phonon frequency and the Raman scattering cross-section depend primarily on the local crystal
order, and defect-free crystal grains above ~100nm diameter demonstrate Raman scattering
behavior close to that of a perfect crystal [23]. For correlation lengths less than about ~100nm,
symmetry breaking in the crystal relaxes the quasi-momentum conservation requirements and
activates non-Brillouin center phonon modes [23]. Depending on the phonon dispersion
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relationship, these non-center phonon modes often cause the development of a low-frequency or
high-frequency shoulder in the Raman peak [23].

More generally, a decrease in the correlation length of the crystal causes a broadening and
shift of its Raman scattering peak [23]. As the sample becomes more amorphous, and the quasi-
momentum conversation rules more relaxed, any phonon may participate in the Raman scattering
process and the phonon density of states (DOS) dictates the probability of a scattering event [23].
In these cases, the Raman spectra broaden and reflect the phonon DOS [23]. In summary, the peak
width of a Raman band increases with decreasing correlation length, which in turn decreases with
an increase in defect density and a decrease in the grain size. The phonon lifetime, which depends
on the density of scattering defects, varies inversely with the peak width [23]. Temperature has
also been shown to broaden the Raman peaks, due to thermal population effects and multi-phonon
decay processes [27].

Table 4-10. Summary of Raman backscattering spectrum trends

Category Effect Cause(s)

Alloying of crystal with heavier atoms
Increasing tensile strain of films
Peak Locations Peak shifts to the left Increasing temperature

Decreasing correlation length
(increasing defect density)

Decreasing correlation length
Peak Width Peak width broadens (increasing defect density)
Increasing temperature

Shoulders appear Decreasing correlation length
Peak Shape
A Shap Very broad peak Amorphous film

(oo phonon DOS)
Increasing excitation laser wavelength
Decreasing excitation laser power
Decreasing polarizability of the film

Peak Intensity Peak intensity decreases

Decreasing concentration of Raman
scattering species

Increasing temperature

Crystalline defects may include point defects, such as vacancies, interstitials and antisites,
or line and surface defects, such as dislocations and grain boundaries [23]. These defects may
broaden and shift the Raman scattering peaks, as described above, but they may also introduce
Raman-active local vibrational modes (LVMs) that alter their characteristic spectra [23]. For
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instance, nitrogen impurities in GaAs, and cation disorder in CISe films, have been shown to
introduce additional Raman peaks [23].

Raman peak intensities, in general, depend on the laser wavelength and power, the material
polarization, the type of vibrational mode involved in the Raman scattering process, and the
concentration of Raman active species. The intensity of Raman signals scale as A* with laser
wavelength [28] and linearly with laser power [23]. That is, the intensity of the Raman signal
increases with decreasing laser wavelength and increasing laser power. As described earlier in this
section, interaction of the incident light with the sample requires the material to be polarizable,
and the strength of this interaction scales with the material’s Raman polarizability [23]. For
instance, Raman signals involving vibrational modes of highly polarizable atoms, such as sulfur or
iodine, are more intense [26]. Finally, the Raman signal intensity typically increases linearly with
increasing concentration of the detected species, with the proportionality constant dependent on
its scattering cross-section [26]. Raman intensities may vary between measurement runs due to
changes in the experimental set-up, and so each peak intensity should ideally be scaled using a
standard of known concentration embedded within the sample [26].

As described above, alloying shifts Raman peak locations by modifying the force constants
and masses associated with the vibrational modes [23]. Alloying effects, however, can vary widely
and may exhibit one-mode or two-mode behavior [23, 26]. One-mode behavior involves a linear
shift in peak position with alloying concentration [23]. Two-mode behavior involves splitting of
the Raman peak with alloying, where each split mode represents the end phase [23, 26]. For
instance, Ga;..AliAs alloying results in generation of a GaAs-like and AlAs-like mode [26].
Elemental mass differences have been proposed to cause the differences between one- and two-
mode behavior, but research remains on-going [25].

4.2.2.2 Analysis and Modeling

Micro-Raman (2-D Mapping) Measurements
The LabRam Raman system, which includes a focusing microscope, represents a micro-

Raman system, with a spot diameter on the order of lum. The small spot size facilitates 2-D
mapping of sample surfaces with reasonable spatial resolution. In most cases, spatial Raman maps
of 4 - 16 um* with measurement spacings of 0.25 - 1um were used to characterize samples. These
spectra were then averaged to provide a representation of the overall bulk sample.

Software
Raman spectra were recorded and analyzed using LabSpec, a commercial software installed

with the Raman tool. As described above, average spectra taken from a mapping of the surface
were used to characterize film samples. Each spectrum was corrected to remove baseline features
and y-radiation spikes.

4-21



For this work, baselines were calculated using “Lines”-type fitting and spectrum-anchored
attach points. Anchor points were chosen such that the baseline followed closely the natural curves
of the acquired spectra and such that baselines contained no sharp features. Such a fitting process
relies on visual estimation of the “natural” curves of the spectra, and so the baselines contain
inherent and unknown measurement uncertainties. Another method for assessing the baseline
involves measuring the spectrum of a clean, well-known reference standard with distinct Raman
peaks, and fitting the baseline as described above. Then, this baseline function, properly scaled,
may be subtracted from the other measured sample spectra [26]. In this work, however, more
consistent results were obtained using separate baseline fittings of each spectrum. Notably, fitted
baselines usually represent a significant source of error in Raman spectra [26]. Fig. 4-6 shows a
sample spectrum with and without the baseline removed.

T T T T T T
Raw Measurement
Baseline Removed

Intensity (arb units)

I 1 — A
100 200 300 400 500 600 700 800

Raman Shift (cm'1)

Fig. 4-6. Raman spectra of the as-measured signal and with baseline removed

Raman peaks were fitted using the peak fitting function in the LabSpec software. Spectra
were fitted using the minimum number of peaks that adequately simulated the measured spectra.
Peak locations, peak intensities, and peak widths were optimized by the software to minimize the
standard error between the simulated spectra and the measured spectra.

Phase Identification
Material phase and structure may be identified by comparing Raman backscattering

measurements of samples against standards. As with diffraction, the Raman scattering spectrum
for a given material represents a chemical-structural fingerprint, and therefore the more peaks that
can be matched the higher the confidence in the identification. Contrary to x-ray powder
diffraction, however, there are no well-established repositories for Raman scattering data, perhaps
in part because of the variation in sample spectra resulting from defects, disordering, and
experimental conditions to which this technique is particularly sensitive. For this reason, matching

peaks and identifying material phases-structures proves significantly more difficult than for x-ray
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diffraction. Reference Raman scattering data used in this dissertation, for CIGSeS and CZTS, are
listed in Table 4-11 and Table 4-12, respectively.

Table 4-11. Raman scattering references for CIGSeS and commonly formed phases

Phase Crystal Structure Reference Phase Crystal Structure Reference
CulnSe, Chalcopyrite [6] Cuy,Se Not Specified [6]
CuGaSe, Chalcopyrite [6] Cuy,S Not Specified [6]

Cu(In,Ga)Se, Chalcopyrite [6,29] Cu-In-Se ODC [6]

CulnS, Chalcopyrite [6] CulnsSg Not Specified [6]

CuGaS$, Chalcopyrite [6] - - -

Table 4-12. Raman scattering references for CZTS and commonly formed phases

Phase Crystal Structure Reference Phase Crystal Structure Reference
Cu,ZnSnS, Kesterite (7, 30-34] CuO Monoclinic [35, 36]
CuS Covellite [37, 38] Cu,0O Cuprite [39, 40]
Cu,S Chalcocite [38,41] ZnO Wurtzite [24, 42]
708 Zinc Blende [37, 43] SnO Layered [44-46]
Wurtzite [43] Sn0O, Rutile (44, 47, 48]
SnS Layered [37, 49, 50] MoO, Monoclinic [51-53]
SnS; 2H, 4H Polytypes [37, 50] ClShSs Tetragonal (54-56]
Sn,S;3 - [37, 50] Cubic
S Rhombic [57] Cu,Sn;S; - (54]
MoS, Hexagonal Layered [58, 59] Orthorhombic [55]
CusSnS,
- - - Tetragonal [56]

4.2.3 Secondary Phase Identification in CZTS: XRD and Raman Spectroscopy
Literature has frequently reported on the use of combined XRD and Raman spectra, in

order to determine the phase-purity of CZTS thin films [30, 34, 37, 60]. Typically, diffraction
spectra are examined first to evaluate which phases might be present. Cu,ZnSnS; shares nearly
identical diffraction peaks with ZnS and Cu,SnS; [30], both of which are commonly formed
secondary phases as the pseudo-ternary phase diagram in Chapter 2 and the CZTS formation
reaction sequence in Chapter 3 suggest. Cheng notes, however, that the presence of peaks at 37.0°
(202), 37.9° (211) and 44.9° (105/213) can be used to definitely confirm the presence of CZTS in
the films; it does not, however, rule out the presence of the other two ZnS and Cu,SnS; phases [30].

In textured films, where these differentiating peaks are weak or absent, Raman may
sometimes be used to identify secondary phases and confirm the presence of CZTS in the film.
However, many of the secondary phases also share common Raman modes [60], as one might
expect given their similar crystal structure. Similar to the case above, Scragg notes the existence of
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a unique CZTS Raman mode at 287cm', which can be used to confirm the presence of CZTS but
also not rule out the presence of ZnS and Cu,SnS; phases [60]. For films deposited on Mo,
however, a MoS; phase may also be present at 287cm™, as shown in [61, 62] and as evident in sulfur
annealed samples discussed in Chapters 7 and 8 of this work.

Certainly, not all films will fit the general pattern described above, although similar lines of
reasoning must be pursued to properly identify to the extent possible the phases present. Like
samples with textured x-ray diffraction, not all Raman modes will always be visible and the peak
shapes and locations may change, as described in preceding sections. Reference standards
fabricated using similar processing conditions and with known composition structure should be
used whenever possible.

The wavelength of the excitation laser used in Raman spectroscopy has also been shown to
play a critical role in secondary phase identification, in particular for ZnS [34, 37, 62]. UV laser
excitation has demonstrated significantly improved detection of ZnS phases by Raman
spectroscopy, attributed to resonant scattering enhancement with the 3.84eV band gap of ZnS [62].
By varying the laser excitation wavelength over a large range, other similar resonances may be
found which might enhance detection of both CZTS and secondary phases [34]. In fact,
Dimietrievska does find changes in the intensities of characteristic CZTS Raman bands with
wavelength. For instance, peaks at 255,271, 316 and 347cm! were intensified when using a 325nm
versus 514.5nm laser wavelength [34]. In that study, Raman spectra were generated for the
following laser excitation wavelengths of 325.0, 457.9, 514.5, 632.8, 785.0 and 830.0nm [34]. As
the relative peak intensities were expected to change with excitation wavelength, this study was
intended to provide a baseline for which to evaluate the presence of secondary phases [34]. In this
case, the relative peak intensities for CZTS Raman modes should be considered in a manner
analogous to the relative peak intensities in powder diffraction data. A comprehensive list of active
Raman modes for CZTS, both theoretical and experimental, are provided in [34].

4.2.4 Scanning Electron Microscopy and Energy Dispersive X-ray Spectroscopy

4.2.4.1 Background and Experimental Set-up

Scanning Electron Microscopy (SEM) represents a non-contacting, minimally destructive
characterization tool used to probe the surface morphologies of thin films. The technique relies
on the emission of secondary electrons from the sample by an incident beam of high energy
electrons [63]. The emission of these secondary electrons varies with the material properties of the
sample and depends most strongly on the path length of the incident electron beam.
Morphological features alter this path length, which varies according to the incident angle and
provides the primary source of feature contrast [63]. By scanning the incident electron beam and
detecting the secondary electrons, a visual image of the sample surface may be reconstructed [63].
Film morphologies were primarily evaluated using a Hitachi S-4300 SE/N Schottky-Emission or
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S-4700 scanning electron microscope, with electron beam accelerating voltages of 5 — 25kV and
probe currents of ~2nA. Many studies were also performed using a JSM-7500F Field-Emission
SEM.

Frequently, energy dispersive x-ray emission spectroscopy (EDS) measurements are
performed at the same time as SEM imaging. EDS represents a non-contacting, minimally
destructive characterization tool used to probe the laterally-resolved atomic composition of a
sample. In addition to the emission of secondary electrons, the incident electron beam also causes
the emission of characteristic x-rays of the constituent elements in the sample. EDS behaves
similarly to PIXE, except electrons provide the bombarding particle source instead of He** ions.
EDS measurements were performed on the Hitachi and Jeol SEM systems using the Noran System
Six x-ray microanalysis system and Oxford instruments system, respectively, with electron beam
accelerating voltages of 15 — 25kV.

4.2.4.2 Applications

Software and Analysis
Quantitative analysis by EDS relies on the scaling of element peak intensity with the

concentration of the element in the sample. By comparing the measured element peak intensity

of an unknown sample with the element peak intensity of a sample with known composition, the

element concentration in the unknown sample may be determined, as given by the following [64]:
cC I

i (4-12)

i
C(i) ](i)

where C; is the concentration of element i in the unknown, Cg is the concentration of element i in
the standard sample, I; is the peak intensity of element i in the unknown, I; is the peak intensity of
element i in the standard sample. I(i) is known as the standard intensity and k; as the k ratio [64].
Quantitative EDS analysis may include either standards-based or standardless methodologies. In
standards-based analysis, standard intensities are measured on samples of known composition. In
standardless analysis, standard intensities are calculated from first principles or semi-empirically
derived from a suite of baseline standards measured on representative equipment [64]. Frequently,
pure element targets, that represent the elements in a given film, are used as the standards basis.
While this standard intensity measurement will not aid in the calibration of matrix effects, it
nominally will include measurement effects such as detector efficiency and detector geometry [64].
Consequently, standardless analysis generally includes larger measurement uncertainties, and the
experimental conditions must be accurately modeled in the standardless analysis in order to
provide reasonable estimates [64].

EDS spectra were recorded and analyzed using Noran System Six (NSS), a commercial
software installed with the EDS tool. Compared to RBS/PIXE, EDS provides better spatial
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resolution but lesser quantitative accuracy in the film composition. Subsequently, EDS was used
only qualitatively to assess surface decorations and film homogeneity by comparing relative peak

intensities.

Sources of Error
EDS and PIXE characterization tools both measure characteristic x-rays emitted from the

sample, and so both employ similar detector types. Consequently, the calibration and broadening
errors associated with the detector will be similar for both, and the reader is referred back to Section
4.1.2. EDS differs from PIXE, however, in that the method typically provides spatially-resolved
information about the composition. The volume of interaction of the electron within the sample
determines the spatial resolution of the EDS measurement. Primary electrons fired at the sample
penetrate its surface and then are scattered within the material through random scattering
processes, creating a rain drop or pear-shaped volume of interaction [64]. Atoms within this
volume may emit, and also absorb, x-rays as a result of these interactions [64]. At 20keV
accelerating voltage, a low-density, low-atomic number sample will typically exhibit an interaction
volume of ~ 1um [64]. As mentioned in the previous section, EDS was used only for qualitative
analysis in thesis, so further discussion of error analysis is omitted here. For a more detailed
account of the errors in quantitative analysis associated with EDS, the reader is referred to [64].

4.3 OPTICAL PROPERTIES
4.3.1 Absorption Spectroscopy

4.3.1.1 Background and Experimental Set-up
Absorption spectroscopy represents a non-contacting, non-destructive characterization

technique used to probe the optical absorption properties of a sample, which can be exploited to
identify optical transitions, including the band gap, of the material [65]. The technique relies on
the optical absorption of light, which results from the photo-excitations of electrons in the sample
into higher energy states [65]. Transmission and reflection measurements are used to calculate the
optical absorption coefficient of the sample, as described in the following section. Transmission
and reflection measurements were performed using a Scientific Computing International FilmTek
3000SE spectroscopic ellipsometer using the maximum wavelength range 240 - 1050nm, or a
Perkin Elmer Lambda 950 UV/VIS/NIR spectrophotometer using a wavelength range of 200 -
2500nm.

From fundamental radiation theory, the variation of light intensity within an optically-
participating sample with uniform optical absorption may be written as the Beer-Lambert law [66]:

I, (x) =1, exp(-a,x) (4-13)
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where I1(x) is the intensity of light at distance x into the sample, I is the intensity of light incident
on the sample after accounting for reflection losses, o, is the optical absorption coefficient, and A
denotes the spectral dependence of the variables. The transmittance of the films represents the
percentage of incident light transmitted through the sample and may be defined as the ratio of
transmitted to incident light. The transmittance t; and the optical absorption coefficient oy,
accounting for reflection losses at the front surface only or for both the front and back surfaces of
the films, may then be written as follows [63]:

Table 4-13. Transmittance and optical absorption coefficient, including front and back surface reflections

Surface Reflections ™ o, (em™)
1
Front Surface Only (1-p,)exp(—a,d) -— ln[ 2! ]
d (1 - pz)
Front and Back (1-p,) exp(-a,d) —lln \/(l—p/l)4 +47.°p —(1-p,)’
Surfaces 1-p,” exp(—2a,d) d 2t,p,°

where py. is the reflectance, d is the film thickness, and A again denotes the spectral dependence of
the variables. Knowing the film thickness, the optical absorption coefficient may then be
determined at each wavelength by directly substituting the measured values of transmittance and
reflectance, 1), and ps..

4.3.1.2 Analysis and Modeling
Calculating Band Gap

Optical absorption involves the photo-excitation of electrons from the valence band to the
conduction band, and so the transition process depends strongly on the joint density of states of
the valence band and conduction band. Near the fundamental band edge (within a few 100meV),
the bands may be approximated as parabolas and a simplified model of the joint density of states
developed [66]. For direct band gap materials, the absorption coefficient may then be written in
the following form [65, 67, 68]:

a(v)-hv=a,(lv-E,)" (4-14)

where hv is the energy of the incident photon, h is Planck’s constant, v is the frequency of the
incident photon, E, is the fundamental band gap of the material, and a, is a material-dependent
constant. By plotting (athv)* vs. hv, fitting a straight line near the band edge and extrapolating to
zero, the direct allowed bandgap E, may be evaluated [66, 67]. At this zero location, the material
constant o, drops out.
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(a.hv)2=a0(hv—Eg)=0 — hv=E (4-15)

g

(a~hv)2:0

The direct (forbidden), indirect gap, and indirect (forbidden) interband transitions may also be
shown to follow the general form (a-hv)' =a,(hv-E,)> where the exponent n is given by those in

Table 4-14 [67, 68].

Table 4-14. Exponential relationships for optical transitions

Transition Type n
Direct Allowed 2
Direct Forbidden 2/3

Indirect Allowed 1/2
Indirect Forbidden 1/3

Fitting the Urbach Tail

Frequently, materials exhibit exponential (Urbach) absorption tails that result from
impurities or crystal disorder [65]. Despite wide-ranging underlying physics associated with the
varying sources of disorder, the exponential tail develops almost universally in disordered solids
[69]. Proposed mechanisms for this tail include electron band tails resulting from impurity states
[69], as well as exciton-phonon interactions and associated free exciton absorption [70, 71]. The
absorption tail may be empirically fitted with following equations [70, 71]:

a(hv—Eo)}

4-16
v (4-16)

a=aq, exp{
where o and E, are characteristic material parameters, kg is Boltzmann’s constant, and o is the
steepness parameter [71]. A plot of In(a) vs. hv will yield a straight line below the absorption edge,
and extrapolation of this line for varying temperature measurements usually converges on (o, Eo).

Related to the structural disorder within the crystal, the Urbach tail provides an indication
of the material quality. A perfectly crystalline direct gap thin film will show a steep rise in
absorption at the fundamental band gap with negligible absorption below the band gap. As the
crystalline structure becomes more disordered, the steepness of the absorption at the edge will
decrease due to the development of a band tail. The Urbach energy, Ev = kT/o, captures this
relationship, varying inversely proportionally with the steepness parameter [71]. A direct
relationship between the magnitude of the Urbach energy and the degree of structural disorder has
been suggested [71].

Sources of Error
Calculation of the optical absorption coefficient from transmission and reflection data may

include errors due to absorption in the substrate, diffuse reflection from the film, and detector
inefficiencies in the ellipsometer. The thin film samples analyzed by absorption spectroscopy are
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deposited on glass substrates, which also absorb a portion of the transmitted light. The
transmittance of the glass is large over the wavelength range analyzed (t ~ 91%), except with a
transmission cutoff below ~350nm (3.5eV). In calculating the band gap, the change in the optical
absorption coefficient, not the absolute magnitude, matters most, as described by Eqn. (4-15).
Subsequently, as long as the transmittance of the glass does not vary much over the wavelength of
interest, the absorption in the substrate will have negligible impact on the band gap calculation.
Substrate effects on absorption are neglected in this work. The ellipsometer measures reflection
and transmission only at 0° incidence (in-line). Subsequently, any diffusely reflected light will not
be exhibited in the reflectance measurement, and this will contribute to an overestimation of the
optical absorption within the sample. The detectors used to measure the intensity amplitude of

reflected and transmitted light contain some measurement uncertainties as well.

Calculation of the band gap from the optical absorption curves may include errors due to
inaccuracies in the absorption measurements, and fitting errors resulting from non-crystalline
films and the choice of fitting range for the linear extrapolation described in the previous section.
Since the calculation of band gap depends directly on the optical absorption coefficient, any errors
in the value of optical absorption will contribute to errors in the calculated value of band gap.
Further, the band gap calculation depends on the linear extrapolation of a linearly-sloped region
of the (ahv)" curve near the band edge. In some cases, no well-defined linear region exists, due to
the structural disorder within the film, making fitting difficult or impossible. Further, the
derivation depends on the parabolic approximation, which is only valid within several 100meV of
the band edge. This small region is then extrapolated out several eV. Consequently, the choice of
the fitting region may contribute to significant errors in the extrapolated value of the band gap,
depending on the characteristic of the (cthv)” curve near the band edge.

4.3.2 Photomodulated Reflectance (PR)

4.3.2.1 Background and Experimental Set-up

Photomodulated Reflectance (PR) spectroscopy represents a non-contacting, non-
destructive characterization tool used to measure optical transitions, including the band gap and
higher order transitions, of the sample [72]. The technique measures changes in the sample
reflectance that result from periodic modulations of the internal electric field by optically injected
carriers [63, 72]. A chopped laser incident on the sample injects carriers by photo-exciting
electrons into the conduction band; a second broadband lamp, spectrally dispersed by a
monochromator, probes the reflectances of the sample at varying wavelengths, measuring the
photo-induced changes in these values AR/R using a photodiode [63, 72].
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Fig. 4-7. Photomodulated reflectance (PR) spectroscopy experimental set-up

Fig. 4-7 shows the PR spectroscopy experimental set-up. The band gaps of the samples
were measured by photomodulated reflectance at room temperature. Radiation from a 300W
halogen tungsten lamp dispersed by a 0.5m monochromator was focused on the samples as a probe
beam. A chopped HeCd laser beam (A=442 nm) provided the photomodulation. PR signals were
detected by a Ge photodiode using a phase-sensitive lock-in amplification system.

4.3.2.2 Analysis and Modeling
The measured photomodulated reflectance values AR/R may be related to the dielectric

function (e = & + i¢;) of the sample according to the following:
AR
= a(s,&)As + B(&,&)As, (4-17)

where o and [ are the Seraphin coefficients and Ae; and Ag; are the photo-induced changes in the
real and complex parts of the dielectric constant [72].

The dielectric function relates to the band structure of the material, most notably, through
the presence of Van Hove singularities that occur at the interband critical points [73]. While the
dielectric constants remain finite under all conditions, at these critical points (e.g. interband
transitions) the derivatives diverge, yielding sharp peaks that improve the signal to background
ratio [63, 73]. Consequently, peaks or oscillations in the PR curves may then be assigned to the
band gap and other interband optical transitions of the sample.

4.4 ELECTRONIC PROPERTIES

4.4.1 Hall Effect

4.4.1.1 Background and Experimental Set-up
The Hall Effect measurement represent a contacting, non-destructive characterization
technique used to probe the electronic properties of a sample, including carrier concentration and
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type, majority carrier mobility and film resistivity [63]. The Hall Effect refers to the development
of a transverse electric potential on a sample, when the sample conducts current in the presence of
a perpendicular magnetic field [74]. This potential develops as a result of the Lorentz force exerted
on the carriers (e.g. holes or electrons) by the magnetic field as the carriers move through the
conductor [74]. Hall effect measurements were performed at room temperature in the Van de
Paaw geometry using an Ecopia HMS-3000 device.

The Van de Paaw method of performing four-point probe analysis eliminates the need to
construct the contacts in a specific geometry or with exactly known locations [63]. The method
relies on the following assumptions: 1) the contacts are located at the periphery of the sample, 2)
the contact size is small compared to their spacing, 3) the sample thickness is uniform, and 4) the
sample is contiguous [63]. By consecutively measuring across pairs of contacts, the geometry
factors associated with the contact placement effectively drop out.

4.4.1.2 Analysis and Modeling

Carrier Concentration and Mobility Calculation
By balancing the magnetic and Hall-field forces, required under steady-state conditions,

the Hall voltage for P-type materials may be written as follows [63]:

R 1B
VH :l[ﬁjz H ,hole (4-18)
t\ gp t
1
RH,hole = (4-19)
ap

where t is the film thickness, I is the current, B is the magnetic field, q is the carrier charge, p is the
density of hole carriers, and Rupor is the Hall coefficient for holes. The Hall voltage and Hall

coefficient may be written similarly for N-type materials, except Ry ciectron takes a negative sign [63].

The Hall voltage, current, magnetic field, and film thickness are all measured or known
quantities, thereby allowing determination of the Hall coefficient. Majority carrier densities may
be calculated directly from the Hall coefficients in Eqn.(4-19) and the N-type equivalent, where
positive value of Ry indicates that the majority carriers are holes, and a negative value indicates
that majority carriers are electrons. Finally, the Hall mobility, which provides a measure of the
majority carrier mobility and therefore the electronic quality of the material, can be defined as
follows [63]:

R
sy =l (4-20)
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where Ry is the Hall coefficient and p is the film electrical resistivity measured under zero magnetic
flux. Notably, the Hall mobility differs from the conductivity mobility by the Hall scattering factor,
1, which is usually close to 1 and previously neglected in the definition of Ry [63]. The film
resistivity can be measured under zero magnetic flux using the four-point probe method, described
elsewhere [63].

Sources of Error

Hall effect measurements may include errors due to thickness non-uniformities, doping
non-uniformities, high film resistance (including non-ohmic contact), poor contact configuration
and conducting substrates. As Eqns. (4-18) and (4-19), the Hall coefficients depend on the film
thickness, which the analysis nominally considers to be uniform and without holes. Similarly, the
derivation assumes a uniform doping concentration, and so films with non-constant doping
profiles will not be accurately represented by Eqns. (4-18) - (4-20).

Films with high resistance (>10MQ), due either to low film conductivity or non-ohmic
contact to the measurement system, will carry very low currents (~nA) which are not accurately
detected by the equipment, introducing error into the calculated values of the Hall coefficients.
Mobilities < 1cm?/V-sec frequently give unreliable Hall measurements. If the contacts between the
film and the measurement system, typically pressed indium, are large compared to the dimensions
of the sample, the electric field associated with the metal-semiconductor interface can introduce
additional uncertainty in the measurement. To minimize this effect, the contact dimensions
should be < 10% the length of their separation. Finally, conducting substrates (or other film layers)
introduce additional parallel paths across which the sample current can be carried. Therefore,
circuit models must be used to separate the contributions of each layer to the overall Hall

measurement.
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5 GROWTH BEHAVIOR OF PULSED LASER DEPOSITED CIG(SE,S)

5.1 PURPOSE

Thin film solar cells using CIGSe absorber layers have achieved high efficiencies, both in
laboratory cells as well as commercial modules, as detailed in Section 2.2.3 [1, 2]. Although the
CIGSe material system has been studied for over two decades and commercial products are
available on the market, a complete understanding of the defect, grain and junction physics of
CIGSe remains lacking [3]. Further, significant effort has been focused on the development of
Cd-free buffer-window layers with better band alignment than CdS for wide gap CIGSe
absorbers [1, 4].

Research into the CIGSe material system remains relevant not only for continuing
investigation into its fundamental defect and grain properties but also because it serves as a
standard against which the next generation CZTS material system can be evaluated. As a less
complex and more mature material system, CIGSe represents a useful starting material for thin
film research. Pulsed laser deposition (PLD), particularly valuable for multi-component systems
like CIGSe and CZTS, represents a laboratory-scale synthesis tool that enables rapid evaluation of

material combinations and layer interfaces.

However, existing literature [5-7] shows that PLD of CISe and CIGSe thin films typically
yielded materials with high carrier concentration (>10" c¢m”) and low hole mobilities
(<10 cm*/V-s) not adequate for use in photovoltaic (PV) device and interface studies. It has been
reported that for PV applications, optimum doping concentrations of 10" — 10"7cm™ and hole
mobilities of 20 — 200cm?/V-s are needed [1, 2]. High hole concentrations have been correlated
with large Cu:[In+Ga] ratios (>1) and attributed to acceptor-type Cur, or Vi, defects, as well as

the formation of Cu,.xSe phases on the film surface [5-8].

This chapter explores pulsed laser deposition and annealing of CIGSe thin films with the
intent to understand the effects of film composition and defects on the electronic behavior of the
material and to achieve device quality films for use as reference standards in studies of CZTS
films. Practically, this work was intended to help develop the expertise in thin film fabrication
and characterization methods necessary to investigate the more complex CZTS material system.
Lessons learned from the development of the Gen #1 sulfur annealing chamber supported the

design and fabrication of the Gen #2 chamber critical in the fabrication of CZTS.
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5.2 BACKGROUND

This section provides a brief review of the existing literature on pulsed laser deposition of
thin film CISe and CIGSe [19-36]. Most of the reported works utilized excimer lasers for PLD:
ArF (193nm), KrF (248nm), or XeCl (308nm). As indicated in Chapter 3, the use of ultraviolet-
wavelength lasers mitigates the generation of splashed particles. Further, most literature
reported the use of stoichiometric Cu(In,Ga)Se; sputtering targets, usually single-crystalline or
poly-crystalline; the targets were prepared by Bridgman-growth or pressing-sintering methods.
Table 5-1 shows typical deposition parameters demonstrated in the literature, and Table 5-2

shows reported effects of the deposition parameters on the properties of CISe and CIGSe films.

Pulsed laser deposition studies of CISe and CIGSe thin films in literature have focused on
characterizing their growth behavior and fundamental properties, including doping, alloying,
and opto-electronic properties. Notably, this author found no reported device efficiencies for

solar cells using pulsed laser deposited CISe or CIGSe absorber layers.

Table 5-1. Typical deposition parameters for CISe and CIGSe (literature results)

Deposition Parameter Value Reference
Background Pressure Vacuum: < 107 torr [5-7,9-11]
Laser Energy (Fluence) 10 - 300m]J/pulse [6,7,9-15]
2 -5]/cm?
Laser Pulse Frequency 5-20Hz [5-7,9, 12, 13]
Substrate-Target Distance 3 - 6cm [5, 6,9-15]

As-deposited films tended to be slightly Cu-rich, slightly In/Ga-poor, and moderately Se-
poor relative to the target compositions [5, 7, 9, 12], which Jo attributes to the higher vapor
pressures of In, Ga, and Se [5]. While increasing substrate temperature did not significantly alter
this compositional trend [5, 9, 12], increasing the background pressure using Argon gas was
shown to mitigate Se-loss in the films [14]. These target-film composition trends were evident in
depositions performed with excimer lasers and pressed and/or sintered polycrystalline targets;
works reporting the use of Nd:Yag lasers and single-crystal targets did not provide compositional
data of the target.

Strong (112) texturing developed in as-deposited, and also post-annealed, films on
amorphous glass substrates [9]. Polycrystalline CIGSe films frequently exhibit strong (112)
texturing, owing to the relatively low surface energy of this polar face, particularly under Cu-
poor conditions [16, 17]. Epitaxial orientation of CISe and CIGSe on single-crystal substrates

was demonstrated by Lowndes and Levoska, respectively [9, 18].
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Increasing substrate temperature has been shown to increase film crystallinity [9, 12, 14],
although additional annealing at the same temperature did not further improve crystallinity [12].
At least one study, however, indicated little change in grain size with substrate temperature [5].
Kuranouchi demonstrated slight increases in Cu-richness [12], and Jo showed an apparent
increase in the size and density of macro-particulates on the surface, with increasing substrate
deposition temperature [5, 6]. Jo attributed this increase in surface particulates to enhancement
of thermally-activated aggregation processes, which transport and combine smaller surface

particulates [5].

Increasing the laser energy above 300m] has been shown to yield Cu-rich films with
evidence of secondary elemental Cu and Cu,xSe phases in the x-ray diffractograms of films
studied in [6]. While these peaks were well-defined at the higher laser energies, peak shoulders
evident in the x-ray diffractograms of lower laser energy depositions may also imply the presence
of these secondary phases, contrary to the interpretation in [6]. Further, preferential evaporation
of elements with higher vapor pressures (e.g. In and Se) was attributed to heating of the target at
higher laser energies [6], implying classical thermal evaporation processes were active. This
preferential evaporation was proposed to cause “selective extraction” of the In and Se, leaving the
plumes Cu-rich [6]. Likely, however, these secondary phase peaks sharpen at higher laser
energies due to increased crystallization or greater forward-peaking of the lighter Cu element.
Film compositions at the varying laser energies were not provided, and so this explanation
cannot be confirmed. The influence of laser energy (fluence) on the surface morphology of as-
deposited films was not discussed in any of the reviewed literature. However, SEM images
presented in [6] for laser energies of 200 and 350m] indicate negligible impact of laser energy on

the size and density of macro-particulates on the surface.

X-ray diffraction studies have indicated peak sharpening of the primary (112) CIGSe
peaks with increasing pulse repetition rate, which the author attributed to either an increase of
the film thickness associated with the increasing repetition rate or increasing crystallite size [6].
Decreasing the target-substrate distance was shown to have a negligible impact on the film
stoichiometry [15]; the author provided no explanation, but this result likely indicates that the
densities of atomic components do not vary strongly across the plume. Yoshida also reported
that the density of splashed particulates and the grain size both increased with decreasing target-

substrate distance [15].
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Table 5-2. Process control variables and effects: CISe and CIGSe (literature results)

Process
Variation Film Effect Rationale
Parameter
Cu-rich, slightly In/Ga-poor, and
Target u ! sy poot Re-evaporation losses higher for In, Ga,
. -- slightly to moderately Se-poor )
Stoichiometry , and Se due to higher vapor pressures
(relative to target)
(1) Increases # collisions and diffuses
Background I . (1) Decreases deposition rate plume (e.g. less forward-peaking)
ncreasin
Gas Pressure & (2) Reduces Se-loss from film (2) Over pressure reduces re-evaporation
from the deposited film
(1) Significant (112) texturing on
most substrates (1) Surface (112) most stable, low-energy
Substrate - (2) Epitaxial growth on single-c (2) Higher temperatures increase surface
substrates at elevated substrate adatom diffusion
temp
(1) Increases film crystallinity (1) Increases adatom surface diffusion
Substrate . . . .
Temperature Increasing  (2) Increases size and density of (2) Enhanced thermally-activated
P macro-particulates on surface aggregation processes on surface
Higher 1 ies eject terial,
Laser Energy , Increases dep rate, eventually lg, eraser eneirgles eJec m(')re .ma era
Increasing . until plume begins to absorb incident laser
(Fluence) saturating
energy
L Pul I ing film thick i i
aser Pulse Increasing Sharpens diffraction peaks nc.reas.lng ilm thickness or increasing
Frequency grain size reduces FWHM
(1) Likely uniform atomic densities
across the plume
Substrate (1) Does not affect film stoichiometry (2) Greater solid angle of plume
) (2) Increases size and density of sampled, yielding increased density
Target Decreasing ) ) ] ]
. deposited macro-particulates of lower-velocity macro-particulates
Distance

(3) Increases film crystallinity

(3) Decreases # collisions prior to
deposition, thus increases KE of
deposition species

Electronic properties of PLD CISe and CIGSe films are not frequently reported; this may
be due to poor electronic quality of the films. Resistivity values are reported in some cases
(10, 11, 19, 20], but these values alone do not give information about the electronic quality of the
films. Shafarman reports that quality CIGSe layers have hole concentrations of ~ 10”cm™ and
hole mobilities of ~ 200cm?/V-s, yielding resitivities of ~ 0.50hm-cm [1]. However, a film with a
hole concentration of 10" cm™ and a hole mobility 2cm?/V-s will yield a similar resistivity value
of 0.50hm-cm, despite having significantly worse electronic quality. Almost universally, works
that reported Hall effect measurements of pulsed laser deposited CISe and CIGSe thin films

demonstrated high carrier concentrations (=210'®%cm™) and low hole mobilities (<5cm?*/V-s) [6, 7,
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15], particularly at deposition temperatures above 200°C [6, 7]. Deposited films were typically

Cu-rich and thus likely contained secondary Cu,xSe phases, as discussed in Section 2.2.1.1.

Nearly all reported works on PLD CISe and CIGSe used stoichiometric targets
(5, 6, 9-12, 15, 18-22], and studies have shown that films tend to be Cu-rich relative to the target
(5, 7, 9, 12]. This fact suggests most reported films are Cu-rich. Since Cu-rich films have a
strong tendency to form Cu,xSe phases [2, 23], and large hole concentrations have been
attributed to the formation of these phases [6, 24], the generally poor electronic quality of pulsed
laser deposited films may possibly be attributed to the near-universal choice of stoichiometric
targets. The use of a Cu-poor target may improve the electronic quality of the deposited films by
suppressing the growth of Cu,.xSe phases; notably, the best performing CIGSe devices contain
overall Cu-poor films [2]. However, growing films in a Cu-poor stoichiometry may limit their
overall grain sizes, as deposition under Cu-rich conditions has been shown to significantly
improve grain size in CIGSe films through liquid-epitaxy type growth mechanisms associated
with the Cu,.xSe phases [2]. Co-evaporation has the inherent advantage of modulating
individual element effusion rates, thereby allowing films to be grown Cu-rich for a period of
time, in order to enhance grain size, and then finished Cu-poor for a period of time, in order to
optimize electronic quality [1]. A single-step pulsed laser deposition process does not allow this
composition optimization; a multi-step PLD deposition may facilitate modulation of the

composition but also limits the utility of the approach.

5.3 EXPERIMENTAL DETAILS

Single layer films of CIGSe, 100 — 130nm thickness, were deposited onto soda lime glass
substrates by PLD from the CIGSe-1 (Cui.olnossGaozsSezn) sputtering target, as specified in Table
3-1. Using the EETD PLD system described in Section 3.1.3.1, films were deposited in vacuum
(~5x10” torr) with a fixed laser energy ~110m] and repetition rate of 7Hz. The substrate
temperature was varied between room temperature and 450°C and allowed to cool passively back
to room temperature after deposition. Vacuum annealing was performed for 2hr at temperatures
of 300 - 500°C, as described in Section 3.3.3.1. Sulfur annealing was performed for 1lhr at
temperatures of 300 — 500°C, using the Generation #1 annealing system, as described in Section

3.3.3.3. Films used for the vacuum and sulfur annealing studies were initially deposited at 450°C.

Film compositions and thicknesses were characterized using Rutherford backscattering
(RBS) analysis, crystal structures were analyzed by x-ray diffraction (XRD) and Raman
backscattering spectroscopy, electronic properties were evaluated by Hall effect in the Van de
Paaw geometry, morphologies were assessed using scanning electron microscopy (SEM), and
band gaps were determined using photomodulated reflectance spectroscopy, as detailed in
Chapter 4. Film compositions were modeled using SIMNRA 6.06 [25] and fitted to the raw RBS
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data. Measurement uncertainty was estimated according to the range of visually acceptable fits,

and subsequently, uncertainty values vary according to signal. See Section 4.1 for further details.

5.4 RESULTS AND DISCUSSION
The effects of substrate temperature (ST), vacuum annealing (VA), and sulfur annealing
(SA) on the film composition, structure and opto-electronic properties are investigated in the

following sections. Note that all films measured P-type conductivity in this study.

5.4.1 Effects of Substrate Temperature
Using the CIGSe-1 sputtering target and the laser parameters detailed in Section 5.3, films

were grown with substrate temperatures varied between room temperature and 450°C. The
deposition rate decreased slightly with substrate heating, but all film thicknesses remained near
~100nm.

The CIGSe-1 target composition was chosen with stoichiometric element ratios and the
optimum In/Ga-alloying ratio of Ga:[In+Ga] = 0.25 [1-3]. The compositions of the as-deposited
ST films, and the associated carrier concentration and transport properties, are summarized in
Table 5-3.

Table 5-3 Composition and electronic properties of films in substrate temperature (ST) study

Substrate Atomic % Hole Density ~ Hall Mobility
Temperature Cu In Ga Se (cm™) (cm?/V-s)
RT 26.0 17.8 6.90 49.2 3x10% 1.2
250°C 26.0 17.7 7.00 48.5 8x10Y 1.1
350°C 259 18.2 7.00 494 8x10" 0.2
450°C 26.0 17.4 7.30 47.6 7x10% 1.2

The relevant element ratios are summarized below in Fig. 5-1 (dashed line indicates
stoichiometric ratios). The as-deposited ST films are Cu-rich and Se-deficient, with the deviation
from stoichiometry showing no strong correlation with deposition temperature. The increase in
Cu:[In+Ga] and the decrease in Se:metals relative to the target composition are consistent with
the literature [5, 7, 9, 12]. In general, lighter elements exhibit slightly greater forward-peaking in
the plume, as detailed in Section 3.1.2.2, and this may account for the relative increase in Cu in
the films compared to the sputtering target. Further, Se has a higher vapor pressure and lower
sticking coefficient than the metal elements, and Se typically requires evaporation in excess to
maintain stoichiometry and mitigate (In,Ga).Se re-evaporation losses, as detailed in Section

2.2.2.1. The Se-deficiency can therefore be attributed to the lack of Se excess in the plume, which
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may also contribute to the increase in relative Cu concentration by increasing In and Ga re-

evaporation losses.
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Fig. 5-1. Element composition ratios for ST films

Fig. 5-2 shows x-ray diffractograms for each of the as-deposited ST films. All ST films
indicate chalcopyrite structure with strongly-preferred (112)-orientation. No other peaks or
phases are evident in the XRD scans, although Raman spectroscopy confirms the presence of a
small amount of Cu, xSe phases in the films deposited at 450°C, as shown in Fig. 5-3 and Fig. 5-7.
Raman measurements were not performed on the other ST films. As others in literature have
noted, CuSe and Cu,Se have diffraction peaks at 26.6-26.7° (JCPDS 89-7391 and 88-2044) that
may be masked by the Culng;GaosoSe; (112) peak near 26.9° (JCPDS 35-1102).
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Fig. 5-2. X-ray diffractograms for as-deposited ST films

As expected, grain size increases significantly with increasing deposition temperature,
evident as a decreasing (112) diffraction peak width. Grain sizes were estimated using the
Debye-Scherrer equation (4-7), ignoring other broadening effects. As the substrate deposition
temperature increases from room temperature to 450°C, grain sizes increase from approximately
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50nm to 250nm, respectively. The calculated values agreed well with visually estimated grain size

estimates from SEM images (not shown).

Hole carrier concentrations do not change significantly with substrate deposition
temperature, as Table 5-1 shows, remaining greater than 10" cm? for all as-deposited ST films.
The high carrier concentrations are attributed to the Cu-rich film stoichiometries, which may
contribute large hole concentrations through Cui, antisite substitutions [8] or high conductivity
Cu,.xSe phases [6, 24], as discussed further in Section 5.4.3. Hole mobilities also show no strong
correlation with substrate deposition temperatures, remaining less than 1.2 cm?/V:s for all as-
deposited ST films. Grain sizes of the films increased with increasing substrate temperature, but
hole mobilities did not increase. This stagnation of mobility with increasing grain size suggests
that scattering by defects or possibly secondary phases, and not scattering by grain boundaries,
primarily limits the mobility in as-deposited films. Selenium vacancies and Cu,xSe likely

contribute to this detrimental scattering behavior.

5.4.2 Effects of Vacuum Annealing
Using films deposited at 450°C (as in Section 5.4.1), vacuum annealing was performed for

2hr at 300 to 500°C, as detailed in Section 5.3. As-deposited samples used for this section were
slightly thicker (~130nm) than similar depositions in Section 5.4.1, attributed to laser energy
instabilities in the deposition system. The film thickness exhibits minimal change with vacuum

annealing, indicating negligible evaporation losses.

Table 5-4. Composition and electronic properties of films in vacuum annealing (VA) study

Anneal Atomic % Hole Density ~ Hall Mobility
Temperature Cu In Ga Se (cm™) (cm?/V-s)
No Anneal 26.6 17.8 8.10 47.5 2x10% 1.1
300°C 26.5 17.2 7.10 47.4 2x10% 0.7
400°C 27.1 17.6 7.00 48.5 2x10% 0.7
500°C 28.8 17.5 6.60 47.4 2x10% 0.5

The compositions of the VA films, and the associated carrier concentration and transport
properties, are summarized in Table 5-4. The Cu concentration monotonically increases and the
Ga concentration monotonically decreases with increasing annealing temperature, evident as
increasing Cu:[In+Ga] and decreasing Ga:[In+Ga] ratios, respectively. The relative increase in
Cu can only be accomplished through the loss of other elements, and this loss of In and Ga is

attributed to the re-evaporation of volatile (In,Ga).Se phases as detailed in the previous section.
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For all VA films, x-ray diffractograms (not shown) indicate only the presence of
chalcopyrite (112) peaks associated with CIGSe. Raman spectroscopy was used to detect
secondary Cu,.xSe phases that may impact the electronic properties of the films but that may not
be identifiable by x-ray diffraction, as previously discussed. Fig. 5-3 shows the Raman spectra
taken for VA films using single-spot measurements. Spectra are normalized to the primary mode

peak intensity.

Raman spectra for all films exhibit the characteristic A1l chalcopyrite mode (~175cm™)
and secondary B2/E (214 and 226cm™) modes associated with CIGSe [26]. The Raman spectrum
for the as-deposited film also shows a well-defined peak at 260cm™ (with weaker shoulder near
240cm™) attributed to Cuy,Se [2]. This peak grows monotonically with increasing anneal

temperature, consistent with the increasing Cu:[In+Ga] ratios exhibited in the films.

After vacuum annealing, films remain highly conductive with hole concentrations of
10*%cm~, which do not shown any variation with anneal temperature. Hall mobilities, on the
other hand, show a small monotonic decrease from 1.1 to 0.5cm?/ Vs as the anneal temperature
increases to 500°C. The Se:metals ratio increases and then decreases with anneal temperature,
which is attributed either to variations of Se-content in the as-deposited films or to deviations
associated with (In,Ga),Se loss. Notably, the concentration of Cu,..Se phases in the film increases
monotonically with increasing anneal temperature. These trends suggest that Cu,xSe plays a

more significant role than Se-deficiencies in the poor mobilities demonstrated in these films.

5.4.3 Effects of Sulfur Annealing
Using films deposited at 450°C (as in Section 5.4.1), sulfur annealing was performed for

lhr at 300 to 500°C, as detailed in Section 5.3. As-deposited samples used for this section were
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similar thickness (~130nm) to those used in the VA studies. The film thickness exhibits minimal
change with sulfur annealing, indicating negligible evaporation losses. The compositions of the

SA films, and the associated carrier concentration and transport properties, are summarized in
Table 5-5.

Table 5-5. Composition and electronic properties of films in sulfur annealing (SA) study

Annealing Atomic % Hole Density ~ Hall Mobility
Temperature Cu In Ga Se? S? (cm?) (cm?/V-s)
No Anneal 26.2 17.1 6.90 47.1 - 2x10% 1.1
300°C 26.2 17.1 6.80 44.0 4.30 7x10'° 16.6
400°C 25.0 17.0 6.90 36.0 8.50 5x10'° 19.3
500°C 25.7 17.1 6.70 35.5 14.0 1x10Y 8.5

* Sulfurization yields films with graded chalcogen profiles; Se and S values shown correspond to model surface-most layer

Annealing in elemental sulfur environment dramatically modifies the material properties.
First, we notice that SA yielded graded composition films with the maximum sulfur
concentrations located at the film surfaces. Fig. 5-4a shows the sulfur concentration profiles
through the films in which the relatively large error bars arise from the weak sulfur signals in RBS
measurements (due to low elemental concentrations and the low atomic number of S). The
surface concentration of sulfur increased with increasing annealing temperature, consistent with
increasing sulfur gas pressures. Notice that the sulfur distributions are in good agreement with

the complementary error function fit of the data (solid lines).
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Fig. 5-4. Elemental sulfur concentrations in SA films (solid
lines represent erfc fits of the indicated data)

The relevant element ratios are summarized below in Fig. 5-5 (dashed line indicates
stoichiometric ratios). Fig. 5-5 indicates that the overall chalcogen concentration [S+Se]:metals

increases after sulfur annealing, as expected. Within the measurement uncertainty, the total
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chalcogen concentration remains approximately constant through the thickness, suggesting that
S likely occupies the films as Se-sublattice substitutions instead of as interstitials. However, the
increase in total chalcogen content after sulfur annealing indicates that incorporated sulfur must
also occupy some selenium vacancies. A filling of Se vacancies by S would enlarge the unit cell
size and decrease the band gap, while substitutions of Se by S would shrink the unit cell size and

increase the band gap.
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Fig. 5-5. Element composition ratios for SA films

The sulfur incorporation mechanism remains unclear, however, as photomodulated
reflectance (PR) measurements shown in Fig. 5-6 indicate negligible effect of sulfur annealing on
the band gap (at ~1.17 eV) of the material. However, we point out that the regions of significant
sulfur incorporation remain limited to small surface layers (< 40nm), likely resulting in the
mitigated effect on the band gap measured by PR. The measured band gap of 1.17eV is in
excellent agreement with the predicted band gap for Ga:[In+Ga] ~ 0.28 in literature [1].

No Anneal

AR/R (arb units)

1.05 1.1 1.15 12 125 1.3
Energy (eV)

Fig. 5-6. PR measurements for SA films
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For all SA films, x-ray diffractograms (not shown) indicate only the presence of
chalcopyrite (112) peaks associated with CIGSe. As for VA films, Raman spectroscopy was used
for SA films to detect secondary Cu,.xSe phases that may not be identifiable by x-ray diffraction.
Fig. 5-7 shows the Raman spectra for sulfur annealed films, averaged for 360 data points taken

over a film surface area of 75x25um and normalized to the primary mode peak intensity.

Raman spectra for all films exhibit the characteristic A1 chalcopyrite mode (~175cm™), as
well as secondary B2/E (214 and 226cm™) modes, associated with CIGSe [26]. The Raman
spectrum for the as-deposited film also shows a well-defined peak at 260cm™ attributed to
Cu,Se. This is consistent with previous reports that showed the presence of Cu,..Se phases in
Cu-rich CIGSe films synthesized by PLD [5, 7, 27]. The 300°C SA film demonstrates a small red
(right) shift of the Cu,..Se peak (266cm™) and the appearance of a well-defined Cu,S (460cm™)
peak [28]. As the sulfur anneal temperature increases to 500°C, the Cu,.Se peak decreases and
further red shifts, while the Cu,.S peak dramatically decreases and then disappears, as shown in
Fig. 5-7b and c. Notably, at 500°C a small Cu,..Se peak remains, but at 400°C the Cu,.Se peak
disappears completely. Further, a characteristic A1 mode for CulnS; peak (293cm™) appears at
500°C [29].
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Fig. 5-7. Raman spectra for SA films

In contrast to vacuum annealing, sulfur annealing yields a dramatic reduction in film

conductivity. Fig. 5-8 summarizes the electronic properties of the SA samples. Hole
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concentrations decreased by more than three orders of magnitude, and mobilities increased by at

least one order of magnitude, for all sulfur annealed samples.
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Fig. 5-8. P-Type carrier concentrations and Hall mobilities for SA films

A decrease in carrier concentration with sulfurization of CIGSe films has been attributed
to an increase in the ionization energies of the acceptor levels associated with the Se-sublattice
substitution by S [30]. However, in our case the SA films indicated no substantial widening of
the band gap and hole concentrations do not show a dependence on the amount of sulfur
incorporated in the films; subsequently, shifting ionization energies do not appear to properly

account for the decreases in hole concentrations.

Notably, the highest electronic quality film (e.g. minimum hole concentration and
maximum mobility) corresponds to the least Cu-rich composition with the smallest Cu,.xSe
Raman peak. The concentration of Cu, xS phases decreases with increasing anneal temperature,
as evidenced by decreasing Raman peak intensity, but these variations does not appear to

influence the electronic behavior.

It has been reported that Cu,.,Se and Cu,.S phases tend to precipitate on film surfaces
during the growth of copper-rich CIG(Se,S) thin films, and KCN has been used to selectively etch
and remove these unwanted phases [2]. To investigate the possibility that Cu,..Se phases were
contributing the excessive carrier concentrations and low mobilities, an as-deposited film was
etched in 1.5M KCN for 3 minutes. Raman spectra in Fig. 5-9 confirm the removal of the Cu,..Se
phases by KCN etching. Fig. 5-10 shows SEM images for the as-deposited and KCN-etched

films.
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Fig. 5-9. Raman spectra for as-deposited and KCN-etched CIGSe films

Fig. 5-10. SEM images of a) as-deposited CIGSe film, b) KCN-etched CIGSe film

After etching, the film conductivity decreased dramatically, such that Hall effect

measurements were not possible. This suggests that the Cu,..Se phases are mainly on the surface

and also decorating the CIGSe grains, such that their removal by etching disrupts the lateral

transport and makes the Hall measurement inconclusive. In summary:

Increasing vacuum annealing temperature: increased the relative Cu and Se
concentrations, monotonically increased the concentration of Cu,xSe phases, and
monotonically decreased the mobilities by small amounts. Hole concentrations remained

very high.

Increasing the sulfur annealing temperature: increased the amount of sulfur
incorporated into the films, monotonically decreased the concentration of Cu,.xS phases,
and decreased the concentration of Cu,.xSe phases (minimum at 400°C). Hole mobilities
increased substantially and hole concentration decreased substantially for all sulfur
annealed samples, and both values appear to correlate to some extent with the presence of

Cu,.xSe phases but not the presence of Cu,xS phases. Notably, however, the as-deposited
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and the 300°C sample both had similar Cu,.xSe peak magnitudes but exhibited

significantly different hole concentrations and mobilities.

e KCN etching of the as-deposited samples: removed Cu,xSe phases from the film and

decreased the film conductivity to the extent that it was not measurable by Hall effect.

Both Cu,xSe and Cu,xS phases exhibit low resistivities (< 1Q-cm) and high carrier
concentrations (10" - 10*cm”), depending on their stoichiometric deviations [31]. The
presence of these phases in similar quantities in films with very high hole concentrations, as well
as films with the desired hole concentrations, indicates that these phases are not predominately
responsible for the changes in hole concentration behavior observed. In the vacuum annealed
and sulfur annealed films, small changes in the mobilities were observed to correspond with the
concentration of Cu,.xSe phases. The dramatic drop in film conductivity with KCN etching
likely indicates that Cu,.xSe phases decorate the grain boundaries, such that their removal by
etching disrupts the lateral transport between grains, particularly in the very thin films (~100nm)
investigated here. We conclude, then, that the Cu,.xSe phases form on the grain boundaries in
small quantities and mildly degrade the mobility of the films. These phases are not, however,
responsible for the overall very high hole concentrations and low mobilities observed in the as-

deposited and vacuum annealed films.

The orders of magnitude of the shifts for hole concentration and hole mobilities remain
independent of both the amount of sulfur incorporation and the amount of secondary phases,
indicating that the incorporation of sulfur, in any amount, improves the electronic properties of
the film. Thermal annealing of CIGSe absorbers in sulfur environment has been shown to
quench electrically active deep level defects [2, 32], although the defect involved and the nature of
the passivation have not been definitively identified. The order of magnitude increase in
mobilities with sulfur annealing is consistent with the view of deep level defect passivation by the
S atoms. While it is noted that sulfur-containing CISeS alloys have demonstrated low hole
concentrations, it is expected that these decreases would be accompanied by shifts in the band
gap, which we do not observe. In the sulfur annealed films, the coincidental reduction of hole
concentration and increase of mobility with incorporation of sulfur suggests, however, that the

defect being passivated also might be associated with the high acceptor concentrations.

5.5 SUMMARY OF RESULTS

We have investigated the structural and electrical properties of thin chalcopyrite-phase
CIGSe films synthesized by pulsed laser deposition and annealed under varying conditions. As-
deposited films demonstrated Cu-rich, Se-deficient composition with high hole carrier

concentrations and low hall mobilities. Increasing the substrate temperature, either during
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deposition or through vacuum annealing, increased the grain size but had negligible effect on the
electronic performance of the films. This decoupling of grain size and electronic performance
suggests that scattering by defects or secondary phases, not grain boundaries, dominate the
electronic quality of these films. The incorporation of sulfur into the films, even in small
quantities, substantially decreases carrier concentration and increases hall mobility. This is
mainly attributed to a reduction in stoichiometry-related defects, defect passivation, and

improved film connectivity associated with sulfur incorporation.

The results of this study indicate that sulfur annealing represents a feasible processing
route for improving the electronic quality of pulsed laser deposited CIGSe thin films for use in
photovoltaic device studies. After sulfurization, films demonstrate hole carrier concentrations

and Hall hole mobilities within the range of values typically associated with device-quality films.
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6 GROWTH BEHAVIOR OF PULSED LASER DEPOSITED CZTS

6.1 PURPOSE

CZTS thin films represent ideal absorber layers for single-junction photovoltaic devices, due
to its direct band gap of ~1.5eV and high optical absorption > 10*cm™ above the band edge [1].
Devices with achieve high device efficiencies of 12.6% have been fabricated using Se-alloyed
CZTSeS absorber layers [2]. In general, however, the fabrication of high quality CZTSeS absorber
layers has been extremely challenging, due to the narrow phase formation region for CZTSeS
[1, 3], elemental and compound volatility [1, 4-6], and phase decomposition at the surface and
back contacts [7, 8]. The difficulty in preventing Zn and SnS loss during film growth, associated
with CZTS phase decomposition and the high vapor pressures of these components, has resulted
in the comparative success of two-step (deposition reaction) fabrication processes over more

conventional single-step processes (e.g. coevaporation) [1, 7].

The champion CZTSeS device was fabricated using a two-step process, in which the absorber
layer was deposited at low temperature using a nano-ink spin-coating process and then annealed
in S(Se) background to complete the crystal formation [2, 9] — S(Se) overpressure helps prevent
phase decomposition and SnS evolution [7]. The primary loss mechanisms in the champion cell
remain similar to those previously reported by Mitzi, including interface recombination, series
resistance, and short minority carrier lifetime [1, 2, 9]. Secondary phases, native defects and poor
band alignment have been shown to play significant roles in these losses, but they are generally not
well-understood [1, 2, 10].

Despite the moderately high device efficiencies achieved, all aspects of CZTS device design
merit continued investigation. Scalable and reliable fabrication methods, capable of producing
phase-pure, void-free CZTSeS absorber layers have yet to be demonstrated. Such advancements
will require better understanding of the crystal formation processes and defect behavior of
CZTSeS. For instance, the S-content in precursor films has been shown to significantly influence
grain growth and void formation during annealing [5], and kinetically-limited growth processes
and decomposition reactions have been shown to play significant roles in secondary phase
formation [7, 8, 11]. Future improvements to the device performance will also likely require the
optimization of the device architecture for CZTSeS, in order to enhance the stability and band
alignments at the back contact and front contact interfaces. Only a limited number of works,

however, have reported on the performance of alternative device architectures [10].

As discussed in Chapters 1,3 and 5, pulsed laser deposition (PLD) represents a useful

laboratory-scale fabrication tool to quickly study different material combinations, and the ability
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to deposit on insulating substrates facilitates the study of optical absorption and Hall Effect
measurements. This work explores the pulsed laser deposition of CZTS thin films, deposited and

annealed under varying conditions, with the following objectives:

e Characterize the effects of pulsed laser deposition parameters on film composition and

morphology.
e Compare one-step and two-step film growth processes using pulsed laser deposition.

e Investigate the role of the precursor composition and structure on crystal and

secondary phase formation processes, and determine their influence of film properties.

e Demonstrate high quality films for use in fundamental material and interface studies.

6.2 BACKGROUND

This section provides a brief review of the existing literature on pulsed laser deposition of
thin film CZTS and CZTSe [12-23]. Most of the reported works utilized KrF (248nm) excimer
lasers for PLD [12-19, 23], with only one work reporting use of a solid-state, continuous-wave
Nd:Yag (1.06 pm) laser [21]. The sputtering targets were typically prepared using
pressing/sintering methods, with a wide range compositions reported. Table 6-1 below shows
typical deposition parameters demonstrated in the literature, and Table 6-2 shows reported effects

of the deposition parameters on the properties of CZTS and CZTSe films.

Table 6-1. Typical pulsed laser deposition parameters for CZTS and CZTSe (literature results)

Deposition Parameter Value Reference
Background Pressure Vacuum: < 10*torr [12-21]
Argon: ~10mtorr [23]
Laser Energy (Fluence) 200 - 300m]/pulse [19-21]
0.7 - 3 J/cm? [12-18, 23]
Laser Pulse Frequency 5-10Hz [12-15, 19, 21, 23]
Substrate-Target Distance 3 - 5cm [12-15, 18-21, 23]

Pulsed laser deposition studies of CZTS and CZTSe thin films in literature have focused on
characterizing their growth behavior and fundamental properties, including the effects of
stoichiometry on their opto-electronic properties, the alloying behavior of S-Se substitutions and
the development of secondary phases. Device efficiencies up to 3.14% have been reported for solar

cells using pulsed laser deposited CZTS absorber layers [15].
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He reported on the fabrication of sintered-powder sputtering targets [22]. For pure sulfur
compositions (not alloyed with Se), Cu,S, ZnS and SnS, powders were mixed in stoichiometric
proportions, except with 5% excess of S to offset evaporation losses. After pre-sintering at 500°C
for 2h and final sintering at 700°C (time not specified), final element ratios were determined as
follows: Cu:[Zn+Sn] = 0.94, Zn:Sn = 1.03, and S:metals = 0.83 [22]. For near-stoichiometric
powders, others have reported similarly extreme deficits in S after sintering [13, 16, 18, 21]; on the
other hand, wide variations in the metal element ratios have been reported, with target
compositions ranging from Cu-poor to Cu-rich and Zn-poor to Zn-rich [13, 16, 18, 21, 22].
Frequently, only the initial powder ratios are reported [12, 17, 19, 20], and subsequently the

sputtering target composition likely varies widely from nominal stoichiometry, as described above.

Due to widely varying deposition and post-annealing conditions in reported works, in
addition to frequently unspecified target compositions and incompletely specified deposition
conditions, drawing conclusions regarding the relationship between compositions in the
sputtering target and the as-deposited films remains challenging. Notably, the as-deposited
composition also depends strongly on the substrate temperature during deposition, due to the high
vapor pressures of elemental Zn and SnS(Se) [4, 6], which can modify the film compositions by re-
evaporation. Comparing depositions performed under similar conditions, the limited available
literature shows conflicting trends regarding the element transfer between the target and the
deposited film [21, 23]. For instance, for films deposited in high-vacuum at temperatures > 400°C,
He shows that relative to the target, the Cu:[Zn+Sn] decreases slightly, Zn:Sn decreases
significantly, and [S+Se]:metals increases slightly [23]; Wibowo, on the other hand, shows that

Cu:[Zn+Sn] does not change, Zn:Sn increases significantly, and Se:metals does not change [21].

He attributes the Cu-poor, Zn-poor, and S-rich transfer of elements to the non-
homogeneous distribution of elements in the plume according to atomic mass and also to the high
vapor pressure of Zn. The author states that the relatively light S-atoms tend to be more forward-
directed and therefore preferentially deposited; similarly, variations of Cu in the plume lead to
deficiencies at the “large” target-substrate distances employed [23]. However, since Cu is lighter
than Zn and Sn, films should be Cu-rich if the degree of forward-peaking in the plume was
determined by the atomic mass. Wibowo similarly argues that greater forward-peaking of the
lighter elements causes the stoichiometric deviations relative to the target that are observed in the

films. However, in that case, Cu and Zn are both preferentially deposited over Sn and Se [21].

Literature has reported a wide range of effects of substrate temperature on film properties.
With increasing substrate temperatures, the S(e):metals ratios were generally shown to decrease
and then increase, exhibiting minimums between 300 and 400°C [17, 19, 21]. Sekiguchi and Sun
demonstrated increases in the Cu:[Zn+Sn] ratio up to 350°C and 400°C, respectively, followed by
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declines with further increases in the temperature [17, 19]. Wibowo reported Cu:[Zn+Sn] ratios
that exhibited small oscillations near stoichiometry with increasing substrate temperature [21].
Finally, with increasing substrate temperature, Sekiguchi and Sun showed steady increases in
Zn:Sn [17, 19], and Wibowo showed a decline then rise in Zn:Sn [21]. Notably, Sekiguchi and Sun
deposited films using UV-wavelength excimer lasers [17, 19], while Wibowo deposited films using

a long-wavelength Nd:Yag laser, complicating the comparisons [21].

Table 6-2. Process control variables and effects: CZTS and CZTSe (literature results)

Process L. . .
Variation Film Effect Rationale
Parameter
Note: Sintering of CZTS(Se) powders in
near-stoichiometric proportions likely
yields highly S-deficient targets with
Tar variations in the cation ratios dependent ~ Varyingatomic masses
get N .
Stoichiometry - on the preparation method dl'Stl‘.lbute elements differently
. i within plume
Slightly Cu-poor and S(Se)-rich, Zn and
Sn concentrations may vary (relative to
target)
(1) Effect on composition unclear
Substrate .
Temperature Increasing  (2) Likely increases surface roughness, Unclear trends
but conflicting trends reported
(1) Increases KE content of
(1) Increases film crystallinity depositing species
= Critical value exists (2.5]/cm?), = Above critical value, dep
Laser Energy . . above which film crystallinity rates hinder
(Fluence) nereasing degrades crystallization
(2) Increases surface roughness, and (2) Increases thermal
size/density of macro-particulates penetration depth,
enhancing splashing
Reduces pulse duration,
yielding higher average thermal
Laser Pulse . Increaée.s film crysta.llinity Values. as successive layers
F Increasing = Critical value exists (10Hz), above deposit
requiency which film crystallinity degrades = Above critical value,

increased deposition rates
hinder crystallization

Sekiguchi, Sun, and Wibowo showed inconsistent results regarding the effects of substrate
temperature on the surface morphologies of deposited films. Sekiguchi provides little
commentary, but SEM images appear to show surfaces increasing in microscopic roughness from
300°C to 400°C but decreasing in macroscopic roughness (e.g. fewer splashed particles) [17].
Wibowo shows a similar increase in microscopic surface roughness of the films with increasing

substrate temperature, with the root mean square (RMS) roughness increasing linearly from RT to
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500°C [21]. On the other hand, Sun shows an apparent decrease in microscopic surface roughness

attributed to coalescence of Volmer-Weber type islands at higher temperatures [19].

Increasing laser fluence was shown to increase film crystallinities [12], as well as increase
microscopic and macroscopic film surface roughnesses [12, 16]. The author states that the
improvement in film crystallinities, evident as sharpened diffraction peaks, results from the
increase in plasma density and associated increase in kinetic energies of the ejected species [12],
consistent with the explanation summarized in Chapter 3. Above a critical laser fluence (2.5]/cm?),
Pawar noted a decline in the film crystallinity, which the author attributes to excessive deposition
rates at the higher fluences that prevent adequate time for the adatoms to diffuse to the lattice sites
[12, 24]. The deposited species are “overlaid and solidified by the succeeding species” [24], leading
to smaller crystallites but bulkier overall grains [12]. Notably, the surface roughness trends remain
similar in samples that have been post-annealed in H,S background [12], suggesting that the

morphologies of as-deposited films strongly influences the final morphologies of annealed films.

Increasing laser pulse repetition rate was shown to increase film crystallinities, evident as
sharpened diffraction peaks of as-deposited films and larger grains in SEM images of post-
annealed films [13]. The author attributed this improvement crystallinity to the decreased pulse
duration, which yielded an increase in the average thermal energy still present in the deposited
species when the next deposition pulse arrives, thereby enhancing crystal growth [13]. Above a
critical laser repetition rate (10Hz), however, decline in the film crystallinity was observed,
attributed to a reduction of the island ripening time to below a critical value, thereby yielding
smaller average island sizes and degraded crystallinity [13]. Notably, the impact of pulse repetition
rate on film crystallinity, and its associated critical value, behaves similarly to the mechanism of

laser fluence on crystallinity, as described above.

6.3 EXPERIMENTAL DETAILS

Single layer films of CZTS, 50 — 550nm thickness, were deposited onto soda lime glass
substrates by PLD from the CZTS-1 (Cu1.9:Zn1225n1.00S425), CZTS-2 (Cuy90Zn1.255N0855425) and
CZTS-3 (Cuis0Zn1.32Sn0s55425) sputtering targets, as specified in Table 3-2. Using the EMAT PLD
system, set-up and methodology described in Section 3.1.3.1, films were deposited in Ar,
background (15mtorr) with a 2sccm flow rate. Laser fluence was varied between 0.8 - 6.0 J/cm?,
the repetition rate was varied between 5 - 15Hz, and substrates were heated between room
temperature and 500°C using an infrared heater and a silicon backing wafer. Sulfur annealing was
performed using the Generation #2 annealing system design and methodology described in Section
3.3.3.3. Samples were nominally annealed with 4.5mg elemental sulfur at 560°C for 10min, with a

7min ramp, and passively cooled under flowing Argon to < 120°C.
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Film compositions and thicknesses were characterized using Rutherford back scattering
(RBS) and particle-induced x-ray emission spectroscopy (PIXE) analyses, as detailed in Chapter 4.
Crystal structures were analyzed by x-ray diffraction and Raman backscattering spectroscopy,
morphologies were assessed using scanning electron microscopy, and electronic properties were
evaluated by Hall effect in the Van de Paaw geometry, as detailed in Chapter 4. Using the SCI
FilmTek 3000SE for shorter wavelength ranges (band gap calculations) and the Perkin Elmer
Lambda 950 spectrophotometer for longer wavelength ranges (optical absorption spectra),
transmission and reflection measurements were taken as described Section 4.3.1.1. The optical
absorption coefficients were calculated, accounting for front surface reflections only, according to
the relations in Table 4-13. The band gap was calculated using the fitting procedure for direct band
gap materials, Eqn. (4-14) and (4-15), described in Section 4.3.1.2.

6.4 RESULTS AND DISCUSSION

The effects of the pulsed laser deposition parameters (laser fluence, target-substrate
distance, pulse repetition rate, and sputtering target composition) on the composition, structural
and morphological properties of the films are investigated in Sections 6.4.1 - 6.4.5. The effects of
precursor properties and sulfur annealing parameters on the composition, structural,
morphological and opto-electronic properties are investigated in Section 6.4.6. Key growth

parameters are identified and crystal and secondary phase formation processes discussed.

6.4.1 Effects of Laser Fluence
Using the CZTS-1 sputtering target, a target-substrate spacing of 10cm, and a repetition

rate of 5Hz, films were grown at room temperature with the following laser fluences: 0.8]/cm?
(52m]), 1.3]/cm? (82m]J), 2.6]J/cm?* (160m]), and 3.9]J/cm? (240m]). The deposition rate increases
approximately linearly with increasing laser fluence, with film thicknesses varying between 60 and
280nm.

Table 6-3. Compositions and thickness of pulsed laser deposited CZTS films with varying laser fluences

Laser Fluence Atomic % Thick
5 Cw:Zn Zn:Sn S:Metals
(J/cm?) Cu Zn Sn S o) (nm)
0.8 15 17 21 40 8.0 0.87 0.83 0.76 60
1.3 18 15 18 39 9.0 1.2 0.86 0.76 90
2.6 26 14 15 39 6.0 1.8 0.91 0.70 205
3.9 25 15 16 40 5.0 1.7 0.94 0.71 280

The CZTS-1 target composition was chosen with the desired metal element ratios, Cu:Zn

(1.57) and Zn:Sn (1.22), assuming stoichiometric transfer to the film; S was included in excess to
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account for re-evaporation losses during deposition. The as-deposited film compositions are

summarized in Table 6-3.

The element ratios of the as-deposited films are graphically summarized in Fig. 6-1, and
the dashed lines indicate the desired element ratios for the film. Fig. 6-1 indicates the presence of
an ablation threshold between 1.3 and 2.6J/cm? above which the deposited film stoichiometry
remains approximately constant with increasing laser fluence. Below the ablation threshold, the
film stoichiometries deviate strongly from the target stoichiometry, exhibiting severely Cu-

deficient compositions.
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Fig. 6-1. Film element ratios vs. laser fluence

For all laser fluences, films are significantly S-deficient, despite the target containing S in
stoichiometric excess. Dissimilar deposition parameters, including background pressure,
temperature, and laser fluence, make comparisons to literature difficult. However, the decrease in
S:metals ratio in the films relative to the target contradicts reported trends in the limited literature,
which has shown small increases [16, 23]. This S-deficiency can be readily mitigated with a short
sulfur annealing operation. Deviations in the metal element ratios, on the other hand, are more

difficult to correct through post-deposition processing.

At fluences above the ablation threshold, where the composition stabilizes, films are slightly
Zn-poor and highly Sn-rich relative to stoichiometric CZTS, which literature has indicated yields
poor electronic behavior [1]. CZTS devices with stoichiometries close to that of the nominal target
(Cw:Zn = 1.57, Zn:Sn = 1.22, and S:metals = 1.03) have yielded the best performance [1].

The Cu:Zn ratios at laser fluences of 2.6 and 3.9]/cm? are near the target stoichiometry, but
the Zn:Sn ratios are very low, indicating highly Sn-rich conditions. In general, heavier elements
exhibit slightly less forward-peaking in the ablation plume and therefore demonstrate slightly

lower concentrations in the deposited film [25]. Mass-related plume effects are thus not likely to

6-7



cause increased incorporation of the heavier Sn elements. While the cause of the Sn concentration
deviations between the target and deposited films cannot currently be identified, it will be shown
in Section 6.4.6.1 that the Sn concentration in the films can be corrected by proportionally reducing

the Sn concentration in the target by the desired amount.

The slightly reduced Zn concentration, evident as larger than expected Cu:Zn ratios, may
result from re-evaporation of elemental Zn before it can form stable Zn-compounds [11, 26],
slightly greater forward-peaking in the plume of the lighter Cu elements [19], or errors associated
with Eqn. (4-5). The near-target Cu:Zn ratios and the correctable S-deficiencies indicate that high

Sn concentrations represent the main obstacle to achieving desired film stoichiometries.

Fig. 6-2. SEM images of films deposited with varying laser fluences

Film surface morphologies were investigated using SEM, as shown in Fig. 6-2. The density
of micron-sized splashed and exfoliated particles increases slightly with increasing laser fluence,
consistent with other works [12, 18]. Consequently, the optimum film will be deposited at the
lowest laser fluence that yields the most-stoichiometric transfer from the target: in this case, a laser
fluence of > 2.6J/cm?.

6.4.2 Effects of Target-Substrate Distance
Using the CZTS-1 sputtering target, a laser fluence of 2.6J/cm?, and a repetition rate of 5Hz,

films were grown at room temperature with the following target-substrate distances: 9cm, 10cm,
and 11cm. The deposition rate decreases approximately linearly with increasing target-substrate
distance, with film thicknesses varying between 265 and 165nm. As-deposited film compositions

are summarized in Table 6-4.
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Table 6-4. Compositions of films deposited at varying target-substrate distances

. Atomic % Thick
Distance (cm) Cuw:Zn Zn:Sn S:Metals
Cu Zn Sn S o (nm)
9 25 15 15 38 8.0 1.6 0.98 0.69 265
10 26 14 15 39 6.0 1.8 0.91 0.70 205
11 23 14 15 39 10 1.6 0.95 0.77 165

No clear trends in the metal element concentrations are observed with target-substrate
distance, with the Cu:Zn and Zn:Sn ratios varying non-monotonically. The S:metals ratio
increases monotonically with increasing target-substrate distance, although the absolute S
concentration does not vary significantly. Subsequently, the increase in S:metals ratio can
primarily be attributed to variations in the metal concentrations rather than increased deposition
rates of S. Essentially, the film compositions do not depend strongly on the target-substrate
distances. However, the chamber limits the target-substrate distances to the values shown, and so

trends in composition may not be clear due to the small range of values investigated.

WD22/7mm' 110/0kV/ %1175k 20um Si WD22):/4mm| 10110k V/ %1 5k - 20um S| WD22!, mm| 10 0kV, x1.5Kk 20ums

Fig. 6-3. SEM images of films deposited at various target-substrate distances

The surface morphologies of these films are shown in Fig. 6-3. The density of micron-sized
splashed and exfoliated particles decreases slightly with increasing target-substrate distance. Based

on the composition and morphology trends, the optimum target-substrate distance is: 10 - 11cm.

6.4.3 Effects of Laser Pulse Repetition Rate
Using the CZTS-1 sputtering target, a laser fluence of 2.6]/cm? and a target-substrate

distance of 10cm, films were grown at room temperature with the following repetition rates: 5Hz,
10Hz, and 15Hz. The deposition rate increases approximately linearly with increasing pulse
repetition rate, with film thicknesses varying between 200 and 540nm. As-deposited film

compositions are summarized in Table 6-5.

The relative concentrations of Zn, S, and O monotonically increase with increasing
repetition rate, evident as decreasing Cu:Zn and increasing Zn:Sn ratios, increasing S:metals ratio,

and increasing O:elements ratio, respectively. Note the element ratios in Table 6-5 are calculated
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using non-truncated composition values. Zn, S and O tend to have lower sticking coefficients than
Cu and Sn [26-30]. It has also been suggested that Zn requires compound formation with S [26]
or other alloys [11] to remain stable on the film surface, particularly at high temperatures and/or
low pressures [4]. Increasing repetition rate may then counteract the loss of unstable species by

capping them with the next material layer before they have time to desorb.

Table 6-5. Compositions of films deposited at varying laser pulse repetition rates

Atomic % Thick
Rep Rate (Hz) Cw:Zn Zn:Sn S:Metals
Cu Zn Sn S o (nm)
5 26 14 15 39 6.0 1.8 0.91 0.70 205
10 24 14 15 38 9.0 1.7 0.95 0.74 395
15 21 14 14 38 13 1.5 0.97 0.78 540

The surface morphologies of these films are shown in Fig. 6-4. The size of micron-sized
splashed and exfoliated particles increases with increasing repetition rate. Higher repetition rates
may cause additional heating of the target, which tends to exacerbate hydrodynamic splashing

mechanisms [31].

Is
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Fig. 6-4. SEM images of films deposited at varying laser pulse repetition rates

More significantly, however, cracks emerge in the films at a repetition rate of 10Hz, and
they grow in size and density at 15Hz. Increased growth rates and increased film thickness at
higher repetition rates may yield greater film strain which causes crack formation. Notably,
however, 1pm thick films were deposited under similar conditions with 5Hz repetition rate, and
no significant cracking was observed. While no significant temperature rises were observed in the
substrate holder, the atomic species arrive at the substrate with significant kinetic energies [25, 32];
local heating of the films [32], with subsequent relaxation, is therefore expected. With higher
repetition rates, larger volumes of deposited material may be involved in this relaxation process,
thereby increasing the strain. To prevent cracking in the films, repetition rates of 5Hz should be

employed for depositions at room temperature.
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6.4.4 Effects of Substrate Temperature
Using the CZTS-1 sputtering target, a laser fluence of 2.6]J/cm?, a repetition rate of 5Hz,

and a target-substrate distance of 10cm, films were grown at the following substrate temperatures:
room temperature, 400°C, and 500°C. The deposition rate decreases significantly with increasing
temperature, with film thicknesses varying between 200 and 115nm. The decreased deposition
rate is attributed to re-evaporation from deposited films. The as-deposited film compositions are

summarized in Table 6-6.

Table 6-6. Compositions of films deposited at varying substrate temperatures

Substr(e:té:)Temp Cu 7n Ator::lc % S ) Cw:Zn Zn:Sn S:Metals f::;;(
RT 26 14 15 39 6.0 1.8 0.91 0.70 205
400 27 11 17 45 0.0 2.4 0.67 0.80 160
500 35 17 5.0 43 0.0 2.0 3.5 0.76 115

Two notable trends may be observed with increasing substrate temperature. First, the
relative Zn concentration decreases from RT to 400°C and then increases from 400°C to 500°C.
Second, the relative Sn concentration increases from RT to 400°C and then drops dramatically
from 400°C to 500°C. The relative S concentration also increases from RT to 400°C and then
decreases slightly from 400°C to 500°C. Other works have reported similarly non-monotonic
trends in Zn, Sn and S concentrations [17, 19, 21]. For instance, Sun similarly demonstrated a
decrease in relative Zn concentrations from 300 to 350°C, followed by steady increases from 350
to 450°C. Contrary to our results, however, the same study showed S concentrations decreasing
from 300 to 400°C, followed by an increase from 400 to 450°C [19].

The sharp decrease in Zn at 400°C and the sharp decrease in Sn at 500°C are attributed to
shifts in the thermodynamic and phase properties of the system at these two temperatures. Near
400°C, the vapor pressure of elemental zinc rises to ~7mtorr [33], roughly the background pressure
(I5mtorr) of the deposition, significantly raising the likelihood of Zn sublimation from the
depositing film. The remaining Zn in the film likely remains stable due to its incorporation into
either ZnS or CZTS phases. CZTS, as well as SnS, phases are clearly evident at 400°C in the Raman
spectra presented in Fig. 6-5 [34-37]. While ZnS phases are not observed in Fig. 6-5, ZnS requires
resonant, UV wavelength excitation to be reliably detected in Raman spectra [34, 37, 38]. The

Raman system here used a 488nm wavelength laser.

Significant losses of Sn in the form of SnS have been demonstrated during processing of
CZTS thin films at high temperatures, particularly at low background pressures [6, 7]. This loss of
SnS has been shown to be driven by the decomposition of CZTS into metal-sulfide binaries and

subsequent irreversible evaporation of SnS, when insufficient partial pressures of S; and SnS are

6-11



maintained [6, 7], as discussed in detail in Section 3.3.2.2. Per [39], the vapor pressure of SnS is
~ 0.3mtorr at 500°C. The high kinetic energy of the impinging species may further lower the
barrier to sublimation of SnS. As Fig. 6-5 shows, SnS peaks are reduced at 500°C, consistent with
loss of Sn through the evaporation of SnS. The partial recovery of Zn concentration in the film,
evident as decline in Cu:Zn ratio between 400°C and 500°C, may be attributed to the enhanced
formation of more stable ZnS and CZTS phases. However, without better detection of ZnS, this
hypothesis cannot be confirmed. Notably, Weber explains similar losses in Zn and Sn, during

multi-step evaporation of CZTS thin films, as re-evaporation losses of elemental Zn and SnS [40].

E 500°C
c
)
0
[
K
P
K7
[ o
o 400°C
£
: | . RT
100 200 300 400 500

Raman Shift (cm™)

Fig. 6-5. Raman spectra of films deposited at varying substrate temperatures

The surface morphologies of these films are shown in Fig. 6-6 below. The lower
magnification images in the figure show that the size and density of micron-sized splashed and
exfoliated particles remain roughly similar among the various deposition temperatures. The finer
morphology (shown in the insets) varies significantly, however. The inset in Fig. 6-6 (RT) shows
tightly packed spheres approximately 100-200nm in diameter on the surface of the as-deposited
film. This morphology represents anomalous behavior relative to other depositions performed
under similar conditions. Note, however, the film surface does not show any well-defined crystal
grain structures. At 400°C substrate temperature, relatively large grains (200 - 500nm) are clearly

evident in the Fig. 6-6 (400°C) inset. Similar grain structure can be seen for the 500°C substrate

6-12



temperature, shown in Fig. 6-6 (500°C) inset. However, the 500°C film appears to be rougher and
contain a higher density of smaller crystallites (50 - 200nm).

WD23). 8| 250KV, x11:5k 20u s WD22': 4mm 1101 0KV, x 1155k £20um

Fig. 6-6. SEM images of films deposited under various substrate temperatures

The evaporative losses of Zn and Sn at deposition temperatures > 400°C indicate the need
for a two-step fabrication approach, with the precursor films deposited at room temperature
followed by a high temperature annealing step in sulfur background. Scragg and others have
previously reported similar conclusions regarding the comparative success of two-step approaches
used to fabricate CZTS [1, 7]. Further, for growth on Mo-coated substrates, detrimental reactions
at the back contact must also be considered [8]. If sufficient sulfur overpressures are not
maintained during CZTS formation, then MoS, formation at the back contact interface may lead
to phase decomposition of CZTS into the binary metal-sulfides [8]. By employing a two-step
fabrication approach, the back contact decomposition can be mitigated by forming CZTS under

S-rich environment [7].

For glass substrates, Sn losses likely cannot be offset at temperatures > 500°C, due to the
overpressure requirements for S, and SnS, which are not compatible with operation of the pulsed
laser deposition chamber. However, Zn losses in heated substrates might be overcome by
decreasing the substrate temperature <400°C, increasing the Zn concentration in the target, or

supplementing Zn during deposition through effusion of a ZnS source.

6.4.5 Effects of Sputtering Target Composition
Using a laser fluence of ~3.5]/cm? a repetition rate of 5Hz, and a target-substrate distance

of 10cm, films were grown at room temperature with the CZTS-2 and CZTS-3 sputtering targets

(see Table 3-2). The as-deposited film compositions are summarized in Table 6-7.

Table 6-7. Film compositions for varying sputtering target compositions

Atomic % Thick
Target ID > Cw:Zn Zn:Sn S:Metals €
Cu Zn Sn S o (nm)
CZTS-2 18 12 10 37 22 1.5 1.2 0.91 320
CZTS-3 18 13 10 36 23 14 1.3 0.86 325
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With adjusted Sn concentrations in the CZTS-2 and CZTS-3 sputtering targets, the desired
film stoichiometries are achieved. From Table 6-7, the Cu:Zn ratios in the as-deposited films, 1.50
and 1.38, are close to the ratios in CZTS-2 and CZTS-3 targets, 1.52 and 1.36, respectively. Further,
the Zn:Sn ratios are in the desired Zn-rich (1.2 - 1.3) range. Note the CZTS-2 and CZTS-3 films
are S-deficient and contain significant oxygen. As the following shows, however, sulfur annealing
successfully adds the required sulfur and significantly reduces the concentration of oxygen in the
films. Depositions were also performed at 400°C (results not shown), but the increased Zn

concentration in CZTS-3 was not enough to counter the severe Zn losses at temperature.

6.4.6 Effects of Sulfur Annealing
All pulsed laser deposited films in this study also require a post-deposition annealing

operation in sulfur background, in order to realize acceptable quality films. Films deposited at
room temperature are S-deficient and amorphous, evidenced by XRD measurements (not shown),
and subsequently they require sulfur annealing to crystallize the films and to adjust the chalcogen
concentration. Films deposited at higher temperatures (400°C) are more crystalline, but also S-

deficient, and so they also require sulfurization.

6.4.6.1 Sn-Rich Films

To examine the impact of annealing on Sn-rich samples, the 400°C samples from Section
6.4.4 were sulfur annealed as described in Section 6.3. To ensure sulfur overpressure was
maintained throughout, longer anneal times were achieved by performing the nominal procedure
twice, denoted as SA (2X). The compositions of the as-deposited and sulfur annealed films are
summarized in Table 6-8. Film thickness increases slightly after sulfur annealing, from 160 to
175nm, and additional annealing (SA 2X) does not change the film thickness. No composition

gradients are observed in the RBS spectra.

Table 6-8. Composition of films as-deposited and after sulfur annealing performed repeated times

Annealing Atomic % Thick
. Cw:Zn Zn:Sn S:Metals
Condition Cu Zn Sn S (0] (nm)
None 27 11 17 45 0.0 2.4 0.67 0.80 160
SA (1X) 24 9 12 46 9.0 2.5 0.82 1.0 175
SA (2X) 24 10 12 48 5.0 2.4 0.83 1.0 175

Note that as-deposited films are significantly Zn-poor, evident as too high a Cu:Zn ratio.
The Zn:Sn ratio increases after sulfur annealing, as a result of Sn loss, while the Cu:Zn ratio remains
roughly constant. The S:metal ratio of 1.0 indicates complete sulfurization of the film after sulfur
annealing. Sulfur annealing can, therefore, effectively mitigate some deviations from desired
stoichiometry, by evolving Sn and incorporating S. It was found that additional annealing,

identified as SA (2X), does not further change the stoichiometry except to incorporate additional
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S and decrease O in the film. This indicates that Sn loss from the film stabilizes once near-

stoichiometric concentrations are achieved.

The surface morphologies of the as-deposited and sulfur annealed films are shown in Fig.
6-7. Notably, the sulfur annealed film contains a high density of voids, as seen in Fig. 6-7b-c. These
voids are attributed to SnS evolution, evident as the significant decrease in Sn concentration in the
film and the disappearance of SnS Raman modes (160cm™, 188cm™) previously identified in as-
deposited films and shown in Fig. 6-5 (400°C)Fig. 6-10. As the following section will show, as-
deposited films containing concentrations of Sn closer to stoichiometry demonstrate

corresponding decreases in the density of voids.

WD 22}, 7mm 10 0KV, X510k i1 0um!
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Fig. 6-7. SEM images of films as-deposited and after sulfur annealing performed repeated times

Fig. 6-7 (SA 2X) indicates that, after the Sn concentration stabilizes, the number of voids
does not increase. In fact, it appears that additional annealing may help heal the voids by
coalescing the remaining film. Subsequently, sulfur annealing can mitigate mild stoichiometric
deviations in Sn and S, but the as-deposited film compositions must be closer to the ideal

stoichiometries to prevent the severe void formation observed here.

6.4.6.2 Cu-Poor, Zn-Rich Films
By modifying the sputtering target compositions, the desired film stoichiometries were

achieved for room temperature depositions, as described in Section 6.4.5. Using the CZTS-2
samples from Section 6.4.5 (see Table 6-7), temperature ramp times, dwell times, and temperature
profiles of the sulfur annealing process were varied, in order to improve the structural and opto-

electronic properties of the films.

Ramp Time

Using the nominal sulfur annealing process with a dwell time of 10min and temperature of
560°C, the ramp times were varied from 7 — 40min. The compositions of the as-deposited and
sulfur annealed films are summarized in Table 6-9. Film thickness decreases with increasing ramp
time and stabilizes at ramp times greater than 20min, with an as-deposited thickness of 320nm and
annealed thicknesses of 290nm at 20min and 40min ramp times.
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Table 6-9. Compositions of films as-deposited and sulfur annealed for 10min at 560°C with varying ramp times

. Atomic % Thick
Ramp Time Cw:Zn Zn:Sn S:Metals
Cu Zn  Sn S o) (nm)
None 18 12 10 37 22 1.5 1.2 091 320
7min 19 13 10 45 12 1.5 1.3 1.1 315
20min 21 16 11 48 5.0 1.3 1.4 1.0 290
40min 21 15 11 49 4.0 1.4 1.4 1.0 290

Several notable trends in films composition emerge with increasing ramp time. First, the
relative Zn concentration increases with increasing ramp time, evident as a monotonically
increasing Zn:Sn ratio and generally decreasing Cu:Zn. Second, the S:metal ratio rises significantly
for the 7min ramp time compared to the as-deposited film, but then stays nearly constant with
increasing ramp time. Finally, oxygen concentration monotonically decreases with increasing

ramp time.

Fig. 6-8. SEM images for films as-deposited and sulfur annealed for 10min at

560°C with varying ramp times

Rutherford backscattering measurements (not shown) indicate decreases of 5-15at% in Sn
concentration at the surfaces of sulfur annealed films. The increase in Zn:Sn ratio in the annealed
tilms can therefore be primarily attributed to the loss of Sn at the surfaces of the films. Note that
the film composition (including the Sn gradient) and the film thickness both stabilize at ramp
times longer than 20min. As described in Chapter 4, the Cu-Zn RBS peaks contain significant
overlap, and the PIXE measurements used to resolve the Cu:Zn ratios are not able to provide

depth-resolved composition information. Therefore, while the combined Cu-Zn RBS peak does
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not show any through thickness variation, opposing grading of the Cu and Zn elements in the film

could mask individual variations. The S peaks show no concentration gradients.

The surface morphologies of the as-deposited and sulfur annealed films are shown in Fig.
6-8. The as-deposited films contain a significant number of large particles on the surface, which
we attribute to the large laser fluences (3.5]/cm?) used to ensure deposition above the ablation

threshold and to degraded surface quality of the sputtering target caused by the deposition history.

The 7min ramp sample shows a significant density of elongated voids several 100nm in
length. The samples with longer ramp times of 20min and 40min show fewer voids and more light
colored surface decorations. These lighter surface decorations are attributed to ZnS phases, since
the films are Zn-rich and likely to co-form ZnS and CZTS phases during crystal formation as
detailed in Chapters 2 and 3. Further, these surface decorations increase with increasing relative
Zn concentration in the films, and similar features have been attributed to ZnS in [41]. Finally,
ZnS$ has been shown to be selectively etched by hydrochloric acid [42], and etching for 3min in
1.5M HCI effectively removed these surface decorations. However, no significant changes in the
film composition or in the structure (Raman spectra) were observed, preventing additional

confirmation of the removal of Zn or ZnS from the film.
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Fig. 6-9. X-ray diffractograms for films sulfur annealed for 10min at 560°C with varying ramp times

Sulfur annealed films show more pronounced voids around the splashed surface particles,
which likely increase the local instability of the films as a result of their increased surface area to
volume ratios. Consequently, lower laser fluences and target reconditioning should be investigated
in the future, in order to reduce the number of splashed particles and to improve the as-deposited

film surface quality.
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Fig. 6-9 shows x-ray diffractograms for the sulfur annealed films, and Table 6-10 shows the
2-0 positions and widths of the characteristic (112) peaks. Note the as-deposited film (not shown)
does not exhibit any diffraction peaks. All sulfur annealed films indicate likely kesterite structure
with strongly-preferred (112)-orientation. Small (220)/(024) and (132) peaks associated with

kesterite CZTS are also visible in the wide-scan diffractograms.

Narrow-scan diffractograms, shown in the right side of Fig. 6-9, indicate the presence of a
dominant peak near 28.58°, attributed to CZTS (112), with two smaller peaks near 28.4° and 28.8°,
attributed to secondary phases. As summarized in Table 6-10, the fitted (112) peak shifts from
28.58° to 28.63° as the ramp time increases from 7min to 40min, which may indicate either a
decrease in CZTS lattice constant or increase in secondary phase. The fitted (112) peak widths also
decrease with increasing ramp time, indicating an increase in the crystallite size, as expected with
effectively longer times above minimum CZTS formation temperature (e.g. longer ramp times).

Table 6-10. Structural properties of films as-deposited and sulfur
annealed for 10min at 560°C with varying ramp times

(112) (112) A-Mode

Ramp Time 20(°) FWHM()  (cm?)

None - - -

7min 28.58 0.197 335
20min 28.59 0.143 337
40min 28.63 0.113 336

The shoulders on both sides of the (112) peak likely indicate the presence of secondary
phases. Based on the accuracy limits of the x-ray diffractometer, described in Chapter 4, possible
assignments for the peaks near 28.4° include cubic-SnS (111), Hex(P-3m1)-SnS, (100), cubic
(F-43m)-Cu,SnS; (111) [43], orthorhombic(Pmn21)-Cu;SnS, [43], CusSn;Sis (202/116), and
various ZnS phases. Possible assignments for the peaks near 28.8° include cubic-CuS$ (111),
orthorhombic—Cu;SnS, (222), and orthorhombic-CusSnS, (102/410). Reference peak locations

are taken from the JCPDS files identified in Table 4-7, unless otherwise specified in previous list.

Raman spectroscopy was performed on the films, in order to help differentiate the presence
of secondary phases. Fig. 6-10 shows Raman spectra for the sulfur annealed films, and Table 6-10
notes the wavevector positions of the dominant A-mode peak for CZTS. Characteristic CZTS
Raman modes are evident at 252cm™ (E-TO mode), 286cm™ (A-mode), 336cm™ (A-mode),
353cm (E-TO mode) and 373cm™ (B-LO mode). Like x-ray diffraction, however, many of the
common secondary phases share similar Raman mode locations, as noted in Section 4.2.3. The
Raman spectra generally have the characteristic shapes associated with kesterite CZTS [11, 37].
The dominant CZTS A-mode (335-337cm™) indicates decreasing peak width and increasing
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Raman shift (e.g. shift to right) with increasing ramp time. Since the other characteristic CZTS
modes do not shift with ramp time, we attribute the decrease in the peak width and associated shift
right in the peak maximum to decreases in secondary phase Raman modes near 310 — 320cm™.
Raman modes in this range have been attributed to SnS,, Cu,SnsS; and CusSnS, [34, 36, 43-45]. A
subtle peaks near 308cm™, identified with an arrow in Fig. 6-10, suggests the presence of Cu,SnSn;
phases [43].
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Fig. 6-10. Raman spectra for films sulfur annealed for 10min at 560°C with varying ramp times

Small but well-defined peaks observed near 141, 162, and 273cm™ have been associated
with CZTS Raman modes in [37]. Since varying sulfur anneal conditions do not significantly
modify the relative intensity of these modes compared to the other characteristic CZTS modes, we
assign these small peaks to CZTS. The 141cm™ mode may possibly be assigned to CuS, but we
observe no evidence of the typically dominant 475cm™ mode [34, 46]. Similarly, the 162cm™ mode
may be possibly be assigned to SnS, but we observe no evidence of the sister 190cm™ mode
[34-36], as exhibited in Fig. 6-5.

Considering the possible phases identified in Raman, we may then restrict the likely phases
contributing to the 28.4° diffraction peak to SnS,, Cu,SnS; and CusSnS, phases. Similarly, the 28.8°
peak may be attributed to CusSnS, and/or CusSnS, phases. ZnS phases may also contribute to the
28.4° and 28.8° shoulders of the CZTS peak, as interpreted in [34] for right-shouldered (112) peaks,

although these phases cannot be reliably detected with 488nm excitation, as previously discussed.
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Fig. 6-11 and Fig. 6-12 show the optical absorption and (ahv)? vs. hv plots for the as-
deposited and sulfur annealed films, respectively. The optical absorption coefficients and band

gaps were calculated as noted in Section 6.3, and the band gaps are summarized in Table 6-11.
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Fig. 6-11. Optical absorption coefficient curves for films sulfur
annealed for 10min at 560°C with varying ramp times: 7min - 40min

x 10 As-Dep x 10 7min
4 .........
2 ......... 3
(@]
fp 2
| ]|Feeaacan a0
- / 1 ,
(U] y /'I
20 : L '
%1.2 14 16 18 12 14 16 18
E’ x 10° 20min x 10° 40min
()_\4 6 .....
>
e 4
3o /- S
I/II I’
0 7

0 <
1.2 1.4 16 1.8 12 14 16 18
hv (eV)
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The optical absorption curves indicate high absorption values (>10*m™) at photon
energies just above the band edge near 1.5eV. As expected, the absorption edges for the sulfur
annealed films sharpen significantly compared to the room temperature, as-deposited films,
consistent with improving crystallinity. Moreover, the staircase shapes observed in the sulfur
annealed films (steep rise — shallower rise — steeper rise) are generally consistent with the

theoretically predicted curves in [47], although the slopes and the transition energies are shifted.

The slope of the absorption curve at the band edge decreases and the band gaps decrease
in energy with increasing ramp time, as shown, respectively, in Fig. 6-11 and Fig. 6-12. The band
gap variations measured (1.52eV -1.49eV) are negligible, howver, given the inherent fit errors

associated with this method of calculation.

Table 6-11. Opto-electronic properties of films as-deposited and
sulfur annealed for 10min at 560°C with varying ramp times

P

Ramp Time (ohm-cm) E; (eV)
None - -
7min 7.6el 1.52
20min 1.1e2 1.53
40min 3.2el 1.49

Due to low Hall mobilities, carrier concentrations and Hall mobilities could not be reliably
calculated. The film resistivities, however, were measured as shown in Table 6-11. Note that the
7min ramp contains a significant number of voids, which may alter the measured resistivity. The
film resistivities correlate most reliably with the Raman CZTS A-mode peak location and width:
the smaller the peak width and the closer to 337cm™, the higher the film resistivity. This correlation
likely indicates that the film resistivity depends strongly on the presence of secondary phases, to

which variations in A-mode peak width and location have been attributed.

Dwell Time
Using the nominal sulfur annealing process with a ramp time of 20min and temperature of

560°C, the dwell times were varied between 10 and 30min. The compositions of the as-deposited
and sulfur annealed films are summarized in Table 6-12. Film thickness decreases with increasing
dwell time, stabilizing at ramp times greater than 20min, with as-deposited thickness of 320nm

and annealed thicknesses of 290nm at 10min and 30min dwell times.

Two notable trends in films composition emerge with increasing dwell time, similar to
those observed with varying ramp time. After sulfur annealing for 10min dwell time, the Zn:Sn
ratio increases significantly and the Cu:Zn ratio decreases, indicating a general increase in the

relative Zn concentration in the films. Further, the S:metal ratio rises to stoichiometric ratio of 1
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and the oxygen content decreases to ~ 5%. With the longer anneal time of 30min, however, no
significant changes in the film composition are observed. Film thicknesses for the two sulfur
annealed samples are both ~ 290nm, and Rutherford backscattering measurements show similar
decreases of ~15% in Sn concentration at the surfaces. Like the samples annealed with varying
ramp time, the film composition, including the Sn gradient, as well as the film thickness, stabilizes

under longer annealing times (in this case longer dwell time).

Table 6-12. Compositions of films as-deposited and sulfur annealed 20min ramp to 560°C and varying dwell times

Atomic % Thick
Dwell Time Cuw:Zn Zn:Sn S:Metals
Cu Zn Sn S (0] (nm)
None 18 12 10 37 22 1.5 1.2 091 320
10min 21 16 11 48 5.0 1.3 14 1.0 290
30min 21 15 11 47 6.0 14 14 1.0 290

The surface morphologies of the sulfur annealed films are shown in Fig. 6-13, and the as-
deposited film may be found in Fig. 6-8. As Fig. 6-13 shows, the number of elongated voids
increases significantly with increasing dwell time. Further, the 30min dwell time sample shows a
decrease in the number of lighter surface decorations, previously attributed to ZnS. The film
surface morphology for the 20min ramp — 30min dwell sample looks quite similar to the surface
morphology observed in the 7min ramp - 10min dwell sample, shown previously in Fig. 6-8.
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Fig. 6-13. SEM images for films sulfur annealed with 20min ramp to 560°C and varying dwell times

The wide 2-0 scan diffractograms for the 10min and 30min dwell samples (not shown)
appear similar to those in Fig. 6-9, with only the (112), (220)/(024) and (132) peaks again evident;
thus, the wide-scan diffractograms are omitted here. The middle inset in Fig. 6-9 shows the
magnified view of the (112) peak for the 20min ramp - 10min dwell sample, and Fig. 6-14 shows
the magnified view for the 20min ramp - 30min dwell sample. Table 6-14 shows the 2-0 positions
and widths of the characteristic (112) peaks.

The narrow-scan diffractogram, shown in Fig. 6-14, indicates the presence of a dominant
peak near 28.59°, attributed to CZTS (112), with the smaller peak near 28.7°, attributed to

secondary phases. As summarized in Table 6-13, the fitted (112) peak location remains constant
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but the peak width increases significantly with increasing dwell time, indicating a decrease in film
crystallinity. This width increase is unexpected, as additional annealing should improve
crystallinity. Similar to the previous section, possible assignments for the peak near 28.7° include
cubic-CuS, orthorhombic-CusSnS,, orthorhombic-CusSnS,, and ZnS.
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Fig. 6-14. X-ray diffractogram (magnified) for film sulfur
annealed with 20min ramp-30min dwell at 560°C

Fig. 6-15 shows Raman spectra for the sulfur annealed films. The characteristic CZTS
Raman modes are again evident at 25lcm™, 286cm™, 335cm™, 353cm™, and 372cm”, with the
additional peaks at 140, 161, and 274cm™ also assigned to CZTS. The dominant CZTS A-mode
(335-337cm™) indicates increasing peak width and decreasing Raman shift (e.g. shift to left) with
increasing dwell time. As described in the previous section, this increase in the peak width and
associated shift left in the peak maximum can be attributed to increases in secondary phase Raman
modes near 310 — 320cm™, possibly SnS,, Cu,Sn;S; and CusSnS, phases [34, 36, 43-45]. A subtle
peak near 308cm’!, identified with an arrow in Fig. 6-15, again suggest the presence of Cu,SnSn;
phases [43]. Similar to the previous section, we may then restrict likely phases contributing to the
28.8° diffraction peak to CusSnSs, CusSnS,, and/or ZnS phases.

Table 6-13. Structural properties as-deposited and sulfur annealed
with 20min ramp to 560°C and varying dwell times

) (112) (112) A-Mode
Ramp Time .
2-0 (°) FWHM (°) (cm™)
None - - -
10min 28.59 0.143 337
30min 28.59 0.175 335

Despite the development of voids in the 30min anneal sample, the film composition and

film thickness remain stable, indicating no significant additional Sn loss compared to the 10min
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dwell sample. However, the XRD spectrum indicates a decrease in crystallinity, evident as a
decrease in (112) peak width, and the Raman spectrum indicates the presence of secondary
Cu-Sn-S phases, evident as a broadening and shift in CZTS A-mode peak. At the longest (40min)
ramp time, the Raman A-mode also showed a similar broadening and shift, although to a lesser

extent. The 40min ramp sample, however, showed a continued decrease in the (112) peak width.
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Fig. 6-15. Raman spectra for films sulfur annealed with 20min ramp to 560°C and varying dwell times

The increase in voids and decrease in crystallinity are difficult to explain given the relative
stability in the film composition and thickness. If film decomposition were active, as detailed
further in Section 6.4.6.3, due to a loss in sulfur overpressure with the longer dwell times, additional
losses in Sn and film thickness would be expected.

Table 6-14. Opto-electronic properties as-deposited and
sulfur annealed with 20min ramp to 560°C and varying

dwell times
Dwell Time P E; (eV)
(ohm-cm)
None - -
10min 1.1e2 1.53
30min 2.3el 1.50

The optical absorption and (ashv)? vs. hv plots for the varying dwell time samples appear
similar to those in Fig. 6-11 and Fig. 6-12, respectively; subsequently, they are omitted here.

6-24



Relevant band gap data, as well as film resistivities, however, are summarized in Table 6-14. As
with the varying ramp time samples, the films resistivities track most reliably with the Raman
CZTS A-mode peak location and width. In this case, the resistivity decreases with increasing

anneal time, as the A-mode peak widens and shifts to lower values.

Temperature Profile
Using the nominal sulfur annealing process with a temperature of 560°C, the temperature

profiles were varied as detailed in Table 6-15 below.

Table 6-15. Summary of annealing temperature profiles

ID Ramp (min) Dwell (min) Temp (°C)

TP1 7 10 560
TP2 TP1 profile, 3X
5
TP3 / 30/ 200/
5 10 560

The compositions of the as-deposited and sulfur annealed films are summarized in Table
6-16. First, we note that the film composition of the multiple anneal sample (TP2) appears similar
to the stabilized film compositions observed with the long ramp and long dwell time samples. The
film thickness of this sample also remains at a similar value (290nm) to those of the long ramp and
long dwell time samples. Moreover, the multiple annealed sample (TP2) also exhibited similar loss

Sn concentration near the surface, compared to the single anneal sample (TP1).

Table 6-16. Compositions of films as-deposited and sulfur annealed at 560°C with varying temperature profiles

Atomic % Thick
ID Cw:Zn Zn:Sn S:Metals
Cu Zn Sn S (0) (nm)
None 18 12 10 37 22 1.5 1.2 091 320
TP1 19 13 10 45 12 1.5 1.3 1.1 315
TP2 21 15 11 48 5.0 14 14 1.0 290
TP3 20 14 11 47 9.0 14 14 1.1 300

The multiple anneal sample (TP2), seen in Fig. 6-16, exhibits similar surface morphology
to those of the long ramp (short dwell time only) samples. The voids evident in the single anneal
sample (TP1) do not appear in the multiple anneal sample (TP2), and the TP2 surface contains a

significant number of lighter colored decorations previously attributed to ZnS phases.
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Fig. 6-16. SEM images for films sulfur annealed at 560°C with temperature
profiles: TP1 (1X) and TP2 (3X)

The film annealed with temperature profile (TP3) exhibits a composition between the high
ramp anneal sample (TP1) and the longer ramp (40min) samples, with the stabilized compositions
previously discussed. The oxygen content was also in between these samples, indicating that time
at the higher temperatures are required in order to purge the films of the oxygen. Moreover, the
film thickness of the TP3 sample (~300nm) lies between the TP1 sample and longer anneal
samples, with the Sn-deficiency confined to a smaller region near the film surface.

Fig. 6-17. SEM images for film sulfur annealed at
560°C with temperature profile, TP3

The surface morphology of the TP3 sample, shown in Fig. 6-17, indicates a morphology in
between those of the short ramp (TP1) and the longer ramp (40min) samples. TP3 contains some
elongated voids, but at a much lower density, and the surface contains some light colored surface

decorations but also at a lower density than the longer ramp (40min) samples.

The wide 2-0 scan diffractograms for the TP2 and TP3 temperature profile samples (not
shown) appear similar to those in Fig. 6-9, with only the (112), (220)/(024) and (132) peaks again
evident; thus, the wide-scan diffractograms are omitted here. The bottom inset in Fig. 6-9 shows
the magnified view of the (112) peak for the 7min ramp - 10min dwell sample (TP1), and Fig. 6-14
shows the magnified views for the TP2 and TP3 samples. Table 6-14 shows the 2-0 positions and
widths of the characteristic (112) peaks.
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Fig. 6-18. X-ray diffractograms for films sulfur annealed at 560°C and varying temperature profiles

The narrow scan diffractograms, shown in Fig. 6-18, indicate the presence of dominant
peaks attributed to CZTS (112), with smaller peaks near 28.4° and 28.8° attributed to secondary
phases. As summarized in Table 6-17, the (112) peak shifts from 28.58° (TP1) to 28.63° (TP2) with
multiple anneals. As before, this shift may be associated with a smaller lattice constant, or with a
secondary phase. Multiple annealing improves the crystallinity of the deposited film, with FWHM
decreasing from 0.197° (TP1) to 0.157° (TP2). The TP1 and TP2 diffractograms, shown in Fig. 6-9
and Fig. 6-18, respectively, show secondary phase peaks at 28.4° and 28.8°. Similar to previous
sections, possible assignments for the peaks near 28.4° include cubic-SnS, Hex-SnS,, cubic-
Cu,SnS;, orthorhombic-CusSnSs, CusSnsSi6, and various ZnS phases. Possible assignments for the
peak near 28.8° include cubic-Cus§, orthorhombic-Cu;SnS,, orthorhombic-Cu,SnS,, and ZnS.

Table 6-17. Structural properties of films as-deposited and sulfur
annealed at 560°C with varying temperature profiles

D (112) (112) A-Mode
2-0 (°) FWHM (°) (cm)
None - - -
TP1 28.58 0.197 335
TP2 28.63 0.156 335
TP3 28.58 0.176 336

More significantly, Fig. 6-18 shows negligibly small secondary phases present near the
(112) peak for TP3; if present, the small peak at 28.4° may be assigned as above. The (112) peak
width of TP3 improves compared to the fast ramp sample (TP1), but remains small compared to

longer ramp samples (20min and 40min) described in previous sections.
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Fig. 6-19. Raman spectra for films sulfur annealed at 560°C and varying temperature profiles

Fig. 6-19 shows Raman spectra for the sulfur annealed films. The characteristic CZTS
Raman modes are again evident at 252cm™, 286cm™, 336cm™, 353cm™, and 373cm™, with the
additional peaks at 141, 162, and 273cm™ also assigned to CZTS. With multiple anneals (TP2), the
dominant CZTS A-mode (335cm™) slightly widens and decreases (e.g. shifts to left) compared to
the single anneal (TP1). As described before, the general widening and shifting of the A-mode can
be attributed to increases in secondary phase Raman modes near 310 - 320cm™ (possibly SnS,,
Cw;SnsS; and CusSnSs phases), and the smaller peak near 308cm™ suggests the presence of
Cu,SnSn; phases. Similar to the previous section, we may then restrict likely phases contributing
to the 28.4° diffraction peak to SnS,, Cu,SnS;, CusSnSs and/or ZnS phases, and the phases
contributing to the 28.8° peak to CusSnS4, CusSnSs, and/or ZnS phases.

Table 6-18. Opto-electronic properties of films as-deposited and
sulfur annealed at 560°C with varying temperature profiles

ID p (ohm-cm) E; (eV)
None - -
TP1 7.6el 1.52
TP2 4.3el 1.49
TP3 8.2e2 1.55

More significantly, the film annealed with temperature profile (TP3) exhibited the sharpest
A-mode peak with one of the highest Raman shifts of 336cm™ (e.g. closest to ideal position) of all
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the pulsed laser deposited films, consistent with a significant decline in the secondary phase modes
near 310 — 320cm™. Further, the (112) peak exhibited minimal shoulder, thus also indicating

minimal contribution from secondary phases.

The optical absorption and (a.hv)? vs. hv plots for the varying dwell time samples appear
similar to those in Fig. 6-11 and Fig. 6-12, respectively; subsequently, they are omitted here.
Relevant band gap data, as well as film resistivities, however, are summarized in Table 6-15. As
with the varying ramp time and varying dwell time samples, the films resistivities track most
reliably with the Raman CZTS A-mode peak location and width. In this case, the sample annealed
with temperature profile TP3 achieved the highest resistivity (820 Q-cm) by a significant margin.
As discussed above, this sample also had the narrowest Raman A-mode band and smallest

secondary phases peaks accompanying the (112) diffraction peak.

6.4.6.3 Proposed Growth Mechanisms
Sulfur annealing decreased the film thickness, decreased the Sn concentration near the

surface of the films, and formed voids with varying severity in the films. The film thickness and
the Sn-loss in the films stabilized at increasing ramp times and increasing dwell times. However,
while increasing ramp time decreased the concentration of voids, increasing the dwell time
increased the concentration of voids. This increased in voids with dwell time is unexpected, given
the relative stability in the film thickness and composition. The two-step temperature profile TP3
yielded a film thickness in between the short ramp-short dwell time sample and the long ramp and

the long dwell time samples. Sn-loss was also confined to a smaller region near the film surface.

The Sn-loss near the surface of the films and the overall decrease in film thickness must
result from the evolution of unstable phases in the film. However, the stabilization of film
compositions and thicknesses at ramp times greater than 20min and dwell times greater than
10min suggests that these loss mechanisms are most active early in the sulfur annealing process.

This time-dependent stabilization may indicate kinetically-limited crystal growth.

According to [48] (see Section 3.3.2.2), kesterite Cu,ZnSnS, may form according to the

following two reaction pathways:

Cu,S + ZnS + SnS +%S2 = Cu,ZnSnS, (6-1)

Cu,SnS; +ZnS 2 Cu,ZnSnS, (6-2)

where Cu,SnS; forms by reaction of Cu,S and SnS. Reaction (6-1) and the Cu,SnS; formation may
actually proceed by any stoichiometric combination of the metal-sulfide binary variants [48].
Hergert, however, notes experimental evidence that Cu,SnS; phases would likely only emerge in

well-mixed, Zn-poor CZTS films [48]. Further, using Olekseyuk’s phase diagram [3], Scragg shows
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the various metal-rich regions for CZTS and the likely secondary phases formed [11]. Cu,SnS; and
CusSnS; phases are shown to form in Cu-rich/Zn-poor films [11]. Consequently, if we attribute
the (112) diffraction peak shoulders and the Raman CZTS A-mode broadening at 310 - 320cm™
to Cu-Sn-S secondary phases, such as Cu,SnS; and CusSnS,, then these phases do not likely emerge
as a result of decomposition of the Zn-rich CZTS films according to reaction (6-2). If films are
decomposing according to reaction (6-1) as described in [7], then evidence of the metal-sulfide
binary decomposition products (Cu,S, SnS and ZnS) should be evident in the films, in particular
Cu,S and ZnS, corresponding to Sn-poor compositions [11]. While ZnS may not be identified, as

detailed before, characteristic Cu,S and SnS Raman modes of any significance are notably absent.

To investigate the effect of potential sulfur loss from the graphite annealing box, the 40min
ramp sample was repeated with 9.0mg of sulfur (compared to 4.5mg). No significant changes in
the composition, morphology, or structure were observed. In particular, the Sn-concentration
gradient through the films remained identical. If the Sn loss were induced by phase decomposition
resulting from loss of sulfur overpressure, increasing the elemental sulfur in the graphite box
should delay its onset and reduce the Sn-concentration gradient in the film. Consequently,
decomposition of the films resulting from a loss of S-overpressure seems less likely, at least for the

40min ramp profile examined.

Instead, we suggest that amorphous Cu-Sn-S phases and amorphous CZTS are present in
the as-deposited films. The existence of these phases reduces the diffusion of the metallic and
binary metal-sulfides, which leads to kinetically-limited crystal formation. Salome examined the
formation reaction of CZTS using Cu,SnS; and ZnS precursor layers [4]. In that study, ZnS was
shown to have poor diffusion in the Cu,SnS; leading to incomplete mixing and crystal formation
[4]. Hydrogen gas (H.) background was shown to improve this ZnS diffusion. The Raman
spectrum of the as-deposited CZTS-2 sample is similar to the room temperature as-deposited
CZTS-1 sample, shown in Fig. 6-5. Amorphous CZTS bands, and likely other Cu-Sn-S bands, are
evident between 200 - 400cm™. Annealing likely involves a large number of nuclei early in the
growth, resulting from amorphous seed phases, further slowly diffusion and formation. This

slower crystal growth might allow evaporation of segregated volatile phases, possibly SnS or SnS..

The behavior exhibited by sulfur annealing of Sn-rich films supports this growth model.
The films deposited at 400°C exhibited predominately CZTS phases with large grains, as well as
significant SnS phases. The films demonstrated a significant voids after sulfur annealing, but film
thickness increased and the Sn-concentration remained uniform the film depth. That is, the CZTS
phase remained stable, while secondary SnS phases were evolved. Similarly, in the room

temperature (CZTS-2) deposited film investigated in this section, the film composition does not
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change significantly once the CZTS films are formed and stabilized. However, during the time it

takes to react and form the stable CZTS phases, unstable secondary phases (likely SnS) are evolved.

Note that the loss of SnS phases, regardless of the crystal growth mechanism, is unexpected
given the high background pressure of elemental sulfur. In [7], the predicted partial pressure of
SnS required to prevent evaporation is given by psas(ps2)* > (3.8+1.2)x10° mbar. As given in
Section 3.3.3.3, 4.5mg of sulfur corresponds to a total sulfur pressure of 0.69atm. At 550°C and
saturation conditions, the S, partial pressure is 300mbar [7]. While the sulfur is not at saturation,
we note that the S, species mole fraction increases with superheating, such that a reasonable
approximation to its partial pressure may be given as 300mbar, under the given annealing
conditions. Reference [49] and see Section 3.3.3.3 for further discussion. Given ps, of 300mbar,

then the minimum SnS partial pressure is 2.2x10°mbar.

CZTS has an atomic density of ~5.0x10%cm?, as noted in Section 4.1.1.2. With
approximately 1 Sn atom for every 8 CZTS atoms, the Sn in the film has an atomic density of
~6.2x10*'cm™. Assuming SnS behaves as an ideal gas, a reasonable approximation given the low
pressures, then the thickness of film that must be evaporated in order to stabilize the evolution of

SnS may be calculated as follows (for 0.6x0.6cm film):

V graphis 2.2x107 kPa)(3.36¢m’
N = Pons? graphive _ (2.2x10" & 3a)(3 36cm’) =1.1x10"" mol (6-3)
RT (8314.47kPa-cm” / mol - K )(823K)
N, =N ng¢ =(6.022x10% at / mol)(1.1x10™" mol) = 6.5x10" at (6-4)

10
o = | s =( 1 2)( 65210 at 3j:2.9x10_“cm (6-5)
: A \ Psuczrs) 0.60x0.60cm” J\ 6.2x10" at / cm

where nsss is the number of moles SnS, psss is the partial pressure of SnS, Vrphie is the volume of
the graphite annealing box (see Section 3.3.3.3), R is the universal gas constant, T is the annealing
temperature (550°C = 823K), N, is the number of Sn atoms, N4 is Avogadro’s number, tgm is the
film thickness, Asm is the film area, and psnczrs) is the atomic density of Sn in the CZTS film.
Although this analysis represents a significant oversimplification of the annealing environment, it
indicates that very low Sn concentrations are required to maintain stabilizing partial pressures of
SnS. Note, however, that leaks from the graphite box and adsorption of SnS molecules on the
interior walls of the graphite box may also act as sinks for the evolved phases, thereby exacerbating

Sn-losses from the films. Better control and monitoring of the annealing background environment
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would enable more definitive evaluation of the evolution mechanism and optimization of the

crystal formation processes. This remains for future work as noted in Sections 9.2.4 and 9.3.

Sulfur annealing with temperature profile TP3 yielded the best performing film properties.
The film composition (Cuis:Zni27Sn10S427) remains close to the ideal Cu-poor, Zn-rich
stoichiometry of the as-deposited film, and the Sn concentration varies less through the thickness
than other sulfur annealed samples. The densities of voids and ZnS phases (light colored surface
decorations) are moderated compared to the end range properties exhibited by the other sulfur
annealing samples. Most importantly, the sample exhibits the highest phase purity, with negligibly
small secondary phases evident in the diffraction spectrum and the narrowest CZTS Raman A-
mode band. The film also showed the highest resistivity of all the sulfur annealed films measured

by a significant margin, which may indicate lower carrier concentrations.

The low temperature annealing step employed in temperature profile TP3 may help anneal
out defects in the amorphous state, which can subsequently reduce the number of nucleation sites.
Reducing the number of nucleation sites may mitigate the kinetically-limited growth effects
previously described, by facilitating diffusion within the crystal. Longer ramp times may act in a
similar way, although average temperatures are maintained significantly higher than the 200°C
step used in TP3, which may limit their utility. Notably, annealing of the as-deposited film in
Argon at 200°C sharpened the Raman spectrum (not shown), but the film remains

characteristically amorphous.

6.5 SUMMARY OF RESULTS
CZTS thin films were fabricated by pulsed laser deposition and annealing in elemental
sulfur, and films were characterized using Rutherford backscattering, SEM imaging, x-ray

diffraction, Raman spectroscopy, optical absorption spectroscopy, and Hall effect measurements.

The effects of laser fluence, pulse repetition rate, target-substrate distance, substrate
temperature, and sputtering target composition on the deposited film properties were investigated.
A laser ablation threshold fluence of ~2.5]/cm?* was identified, above which the film composition
no longer varied significantly with fluence. Splashed and exfoliated particles were shown to
increase with increasing laser fluence. In order to improve the surface quality of deposited films,
the lowest fluence above the threshold (2.5]/cm?) and sputtering target reconditioning are
recommended. Laser pulse repetition rates > 5Hz caused microcracking in the deposited films,
attributed to higher strains in the films associated with the higher deposition rates. Modifying the
target-substrate distance showed little change in film composition or quality, over the range of

distances (9 - 11cm) investigated.
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Substrate temperature was shown to significantly impact the composition and quality of
the deposited film. While smoother, larger-grained films were achieved at temperatures of 400
and 500°C, significant losses in Zn and Sn were demonstrated. These losses were attributed to
losses of elemental Zn and SnS phases caused by their high vapor pressures at these elevated
temperatures. It is not considered practical to limit the loss of Sn at temperatures greater than
500°C without the use of a sulfur overpressure during deposition. However, reducing the substrate
temperature during deposition to < 400°C and incorporating excess Zn, either in the sputtering
target or from a separate effusion cell (preferably the more stable ZnS compound), may enable the

improved deposition quality of the films, while mitigating the Zn losses in the films.

At laser fluences above the ablation threshold, as-deposited films were shown to be slightly
Zn-poor, significantly Sn-rich, and S-poor compared to the sputtering target. The reason for the
severe deviation in Sn concentration was not well-understood. However, the sputtering target
compositions were shown to be reliably modified, in order to improve the cation ratios in the as-

deposited films, achieving the desired Cu-poor, Zn-rich stoichiometries.

Annealing in elemental sulfur was investigated, in order to achieve stoichiometric
concentrations of sulfur in the films and to form the kesterite CZTS phase. Sulfur annealing of the
Sn-rich samples showed that annealing can improve the film stoichiometries, evolving the excess
Sn through SnS phases. The film compositions stabilized at near-stoichiometry conditions after
the initial loss of Sn. However, this evolution resulted in the development of significant voids in
the films.

Using the films deposited with the optimized sputtering target compositions, the effects of
ramp time, dwell time, and temperature on the annealed film properties was investigated.
Increasing the ramp time was shown to increase the film crystallinity, evident as a sharper (112)
diffraction peak, but also increased the number of secondary phases present, evident both in
shoulders developed near the (112) peak and in the peak broadening of the dominant CZTS Raman
A-mode. Longer ramp samples also exhibited less voids but increased surface decorations,
attributed to ZnS.

Increasing the dwell time from 10min to 30min was unexpectedly shown to decrease the
film crystallinity, evident as a broader (112) diffraction peak, and also increased the number of
secondary phases present. The 20min ramp - 30min dwell sample also unexpectedly developed

elongated voids, similar to those exhibited by the high ramp sample.

Sulfur annealed films, in general, exhibited a decrease of Sn at the film surface and a
decrease in overall film thickness, which stabilized at longer ramp times and longer dwell times.

This time-dependent stabilization was explained in terms of kinetically-limited crystal growth,
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which we believe results from the large number of amorphous Cu-Sn-S and CZTS phase present
in as-deposited films, and the associated large number of nucleation sites therefore formed. These
amorphous phases formed, despite room temperature deposition, via the high kinetic energies
associated with pulsed laser deposition, similar to the possible seed phases noted in S-containing
CZTS precursors deposited by sputtering in [5]. While the slow crystal growth proceeds, volatile
SnS phases are evolved from the films. The exact mechanism for this evolution remains unclear,

however, as the sulfur overpressures employed during annealing should prevent their evaporation.

The inclusion of a low-temperature (200°C) anneal prior to crystal formation at 550°C was
shown to significantly improve the phase purity and resistivity of the annealed film. This
temperature profile (TP3) exhibits a (112) diffraction peak with the most negligible shoulder and
the A-mode with the smallest peak width. The TP3 film also demonstrated a decreased loss of Sn
in the film, which was restricted to a smaller layer near the surface. We attribute this reduction in
secondary phase formation, and the reduction of Sn loss, to the healing of defects in the amorphous
state, which reduces the number of nucleation sites and improves the kinetics associated with

crystal formation. The improvement in phase purity likely yields the improved film resistivity.
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