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ABSTRACT OF THE DISSERTATION

Design and phase stability of high entropy alloys for structural applications
by
Benjamin Erich MacDonald
Doctor of Philosophy in Materials Science and Engineering
University of California, Irvine, 2020

Professor Timothy J. Rupert, Chair

As the field of high entropy alloy research has matured, investigation of phase stability in
these alloys, particularly those with complex compositions, has become paramount if they are to
be considered for structural engineering applications. The objective of this dissertation research is
to study phase stability in targeted high entropy alloy (HEA) compositions as it pertains to the
mechanical properties and processability of the material. While the studies presented here
implement similar methodology of comparing experimental analysis of different HEAs to
computational modeling of the alloys by the CALculated PHAse Diagram (CALPHAD) approach,
each study aims to elucidate a unique aspect of phase stability and structural properties in HEAs.
The first study describes the phase decomposition in a CoCuFeMnNi HEA and how the reported
secondary phases influence mechanical behavior to establish these behaviors for the typical
starting composition for an HEA system: equiatomic. Thermomechanical processing, followed by
systematic annealing treatments, revealed the formation of two distinct secondary phases within
the equiatomic face-centered cubic (FCC) matrix: Fe-Co rich ordered B2 precipitates that
contributed precipitation hardening and Cu segregation, due to its immiscibility with the other
constituents, eventually forms a Cu-rich chemically disordered FCC phase. The thermal stability
and chemistry of these phases are compared to those predicted on the basis of CALPHAD analyses.

XXiv



In the second study, a novel non-equiatomic composition within the CoCuFeMnNi HEA system
is developed to reduce the stability of the Cu-rich FCC and determine the role of constituent
concentration on the mechanical behavior of alloys in the CoCuFeMnNi system. The equiatomic
and non-equiatomic compositions were processed by high pressure torsion (HPT) and the
mechanical behavior of the single FCC phase alloys before and after high temperature heat
treatments are compared to determine the role of Mn and Cu in solid solution strengthening for
these alloys. The third study assesses the phase stability in the nanocrystalline non-equiatomic
composition Co2sCuioFe27Mn1oNiz7 at.% HEA and the implications of secondary phase formation
on the mechanical behavior. After processing the material by HPT to achieve a nanocrystalline
FCC matrix, thermal analyses and microstructural characterization of heat treated samples track
the precipitation and dissolution behavior of Fe-Co rich B2 precipitates. The CALPHAD approach
correctly predicted the composition and volume fraction of each phase after heat treatment. The
presence of the B2 phase increased the stiffness and strength of the nanocrystalline HEA while
causing embrittlement. The final study of the dissertation continues to focus on the phase stability
but transitions to the refractory HEA system AIMoNDbTiZr. The addition of Al to the equiatomic
MoNbTiZr base, is predicted and validated to increase the stability of multiple BCC solid
solutions. Al additions below 8 at.% enhanced the formation of a secondary BCC upon
solidification while maintaining a single-phase BCC region at elevated temperatures. The hardness
of the alloys increased with the increase of Al and deformation behavior in single-crystal
micropillar samples are markedly different with and without Al. Together, these studies present an

effective approach to assess phase stability in HEAs and design them for structural applications.
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Chapter 1 : Introduction to high entropy alloy design

1.1 Overview

Since their discovery in 2004, high entropy alloys (HEAS) have generated significant
interest from the materials science community due to unique phase formation as well as reports of
exceptional mechanical performance in select compositions. The design of HEAs marks a distinct
departure from conventional alloy design through the transition to a multi-principal element design
approach. For example, while compositions of conventional Al alloys possess more than 90 at.%
aluminum with minor amounts of alloying elements, HEAs are generally based on five or more
elements in a near equiatomic composition. Particular compositions solidify a unique random solid
solution crystalline structure, in which each of the constituent elements has a near equal probability
of occupying a given lattice site of a face centered cubic (FCC), body centered cubic (BCC), or
hexagonal closed pack (HCP) lattice. The initial hypothesis for the formation of these random solid
solution phases was that the relatively high entropy of mixing, due to the complex composition,
was stabilizing the simple phase formation observed [1]. The field of HEAs now understands that
entropy alone does not dictate the phase formation in complex compositions based on the results
of detailed studies on well-known HEA compositions that observed decomposition of the random
solid solution phase after extended annealing heat treatments [2]. With the current understanding
of HEAs, there has been a shift in research emphasis from targeting single random solid solution
alloys to the development of complex HEAs with desirable multi-phase microstructures. To
address the vast number of potential compositions in the expansive compositional space defined
by HEAs, high throughput approaches serve to explore and screen potential HEA compositions
for structural applications [3-5]. These approaches rely on the predictive thermodynamic modeling

of possible compositions using the calculation of phase diagrams by the CALculated PHAse



Diagram (CALPHAD) approach [6]. Significant challenges surround the current efforts of HEA
research including evaluating the reliability of current CALPHAD methods for HEAs, exploring
the effect of microstructural variations, and including grain structure and dislocation density, on

mechanical properties and phase stability in HEAS.

1.2 Emergence of high entropy alloys

The earliest reports of high entropy alloys (HEAS) date back to 2004 when two research
groups of Cantor et al. of Oxford University and Yeh et al. of National Tsing Hua University
published simultaneously on the development of crystalline multicomponent alloys [7,8]. Cantor’s
work originated from an undergraduate thesis in the late 1970’s that was adapted into another
project in 1998. Yeh, who was the first to coin the term “high entropy alloy”, published several
other studies in 2004 [9-12]. The basis of these works was the synthesis of metallic alloys that
contained five or more constituent elements in near equiatomic concentration. Upon
characterization of these alloys, far less phases are formed than expected by the Gibbs phase rule
[7]. In addition, some compositions achieve a single crystalline structure where each constituent
element has an equal probability of populating a given lattice site. This random solid solution
(RSS) is schematically drawn in Figure 1, where elements A through E occupy an FCC atomic
lattice structure. The uncommon observations from these reports sparked the interest of the
materials science community. Since 2004, the field of HEA research has grown significantly with
a total of approximately 650 publications in 2017 alone. The contents of these publications focus
on elucidating mechanisms driving exceptional properties found in these alloys, fundamental
understanding of the unique structure possessed, and developing the capability to predict HEA
compositions. Many review articles [13-18] a book [19] and technical reports [20] have been

published providing a comprehensive look at all the expansive research on HEAs and highlight



the wide range of potential applications both structural and functional from use as structural
components at both cryogenic and elevated temperatures to use for solid state cooling. The

following includes key findings in the field as they pertain to the scope of my thesis work.

Figure 1. Schematic illustration of the random solid solution structure unique to HEAS
composed of arbitrary elements A, B, C, D, and E organized on a distorted face centered cubic
crystal structure reprinted from reference [17].

1.3 The four core effects

In an attempt to explain the observations of simple RSS phases in early HEA studies, Yeh
proposed in 2006 the following four core effects of multi-principal element composition [1]. One,
the high entropy effect explains the formation of an RSS phase by thermodynamic stabilization
due to a maximization of mixing entropy. Two, severe lattice distortion inherent to the RSS has a
significant effect on the mechanical and physical properties. Three, sluggish diffusion kinetics that
potentially cause the nanocrystalline stability and corrosion resistance observed in HEAs. Four,
the cocktail effect that treats HEAs as a composite material of elements selected for desired

properties. As the field has grown and more experimental results have been published on a variety



of HEA compositions, the validity of these four core effects has been investigated. The following

addresses the concepts of each effect and summarize the community’s current understanding.

1.3.1 The high entropy effect
The most notable core effect, that gives the alloys their name, is the high entropy effect. Yeh
et al. used the ideal case for total free energy of mixing to explain the RSS phase of HEAs. The

free energy of mixing can be expressed as:
AGpix = AHpix — TASpix

where the free energy 4G,,;, can be related to the enthalpy 4H,,,;,, and the entropy 4S,,;, of a state,
elemental or mixed, for a system at a given temperature. From Boltzmann’s equation, an
approximation to 4S,,;,, the configuration entropy A4S, ;4 Of a state, can be related to the number

of constituents n:

n
ASwnﬂg = —RZXLIH Xi
i=1

where R is the gas constant and X; is the concentration of the i constituent. As the number of
constituents of the system increases, the entropy of an RSS approaches a maximum that dominates
over the enthalpy of formation for pure elemental phases and intermetallic phases, stabilizing the

formation of an RSS.

The correlation between configuration entropy and the presence of RSS phases in HEAs
has been contested by microstructural observations. In general, when considering many of the
published microstructures of HEA compositions, collected by Miracle in his recent review on
HEAs, most possess both intermetallic phases along with an RSS phase [16]. The multi-phase
nature of many of these HEAs provides evidence that the number of constituent elements may not

4



be the defining quality of HEASs. Recently, Pickering et al. found the most well studied single RSS
FCC HEA CrMnFeCoNi exhibited precipitation after annealing at 700 °C for up to 1000 hours
[2]. This observation has reinforced the fact that it is essential to consider all components off the
Gibbs free energy equation when determining what phases are stable in a given composition,

regardless of the complexity of said composition.

1.3.2 Severe lattice distortion

The concept of severe lattice distortion in RSS phases is an extension of the mechanisms
of traditional solid solution strengthening. In the case of conventional alloys, when solute elements
are substitutionally alloyed into a lattice of the solvent element, the atomic size misfit causes strain
to develop in the surrounding lattice that leads to minor distortion of the repeating structure. When
there is no differentiation between solute and solvent, as is the case for most HEAs, it is expected
that every lattice site will have some displacement from the perfect crystal lattice site. One of the
clearest observations of this distortion to date is the diminished peak intensities of HEA X-ray
Bragg diffraction patterns. Yeh et al. systematically studied the effect of increasing the number of
constituent elements in the alloy system AISiCrFeCoNiCu on the intensity of the resulting X-ray
diffraction pattern [21]. Yeh et al. found that incrementally increasing the compositional
complexity one element at a time from pure Cu to AISiCrFeCoNiCu decreased the peak intensity.
The increasing distortion of the lattice continually deviates from a perfect lattice, creating less

Bragg scattering events to occur in a manner similar to the thermal effect.

The distortion of the lattice is undoubtedly present in RSS phases but the severity of the
distortion has recently been studied by Owen et al. via total scattering measurements using neutron
radiation [22]. From these measurements, Owen et al. obtained the pair distribution function of

CrMnFeCoNi which is directly related to the distribution of the interatomic spacing on a local



atomic level, unlike the average values determined from Bragg diffraction. From the results, Owen
et al. found the HEA does possess the most lattice strain compared to similar, but less complex,
compositions within the alloy system; but these values were not exceptionally larger. This is an
important observation that must be considered when analyzing HEAs, particularly when
discussing mechanical behavior as to not misappropriate lattice strain to explain disproportional

increases in mechanical strength.

1.3.3 Sluggish diffusion

The third effect from the RSS proposed by Yeh et al. is the decrease of diffusion kinetics
in HEAs. Yeh et al. describes the atomic diffusion in HEAs as “sluggish” mainly due to the local
lattice potential fluctuations caused by the different constituent elements in the RSS. Figure 2
provides a schematic plot of the lattice potential energy as a function of position along an arbitrary
diffusion path in two cases, a RSS HEA and a pure element or dilute solid solution [15]. From the
disorder of the RSS, the local lattice potential energy can form deep traps that inhibit diffusion.
This concept is often used to qualitatively explain some of the exceptional properties of reported

HEAs, including corrosion resistance and thermal stability.
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Figure 2. Schematic plot of the site energy along an arbitrary diffusional path in pure elements
or dilute solid solutions as opposed to HEAs, reprinted from reference [15].

The effort to quantify this sluggish diffusion is limited to two publications that report
diffusion coefficients [23,24]. Tasi et al. published the first report of diffusion rates in HEAS in
which the self-diffusion coefficients of the elements in the CrMnFeCoNi system were calculated
by annealing “quasi-binary diffusion couples” [23]. Tasi et al. compared the results to austenitic
steels and pure metal systems and found that for every element in the HEA, the self-diffusion rate
was lowest in the HEA. Vaidya et al. conducted a study on the tracer diffusion of Ni in CrFeCoNi
and CrMnFeCoNi and compared the results to other FCC systems [24]. When the diffusivity of Ni
is compared to the inverse homologous temperature, slower diffusion of Ni was observed for larger
configurational entropy. While both studies confirm slower diffusion kinetics in HEAs, the relative
decrease is not exceptionally large. It is important to point out the sensitivity of diffusivity
measurements, which depend exponentially on the activation energy normalized by the melting
temperature. Errors in activation energy measurements can lead to orders of magnitude difference
in the resulting diffusivity. To develop a better understanding of diffusion phenomena in HEAs,
carefully designed experiments on a range of alloy systems are needed.
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1.3.4 Cocktail effect

The final effect put forth by Yeh et al. was the cocktail effect. The cocktail effect refers to
the selection of elements for an HEA composition based specifically on the properties that the
element will contribute to the resulting HEA. This concept is an extension of the design method
for composites where materials are combined based on their individual properties to produce a
material with a balance of these properties. In this case, HEAs are effectively a composite of
elements, chosen to create an alloy that possesses desired properties. An example of this design
approach is the inclusion of Al and Cr in an alloy to improve oxidation resistance at high
temperature. This combinatorial approach to alloy design is not unique to HEAs and is generally
used throughout conventional alloy design. Regardless of its novelty, the approach is useful for

exploring more potential HEA compositions.

1.4 High entropy alloy definition

It is evident from the four core effects that as the community’s understanding advances,
the criteria for defining HEAs evolves. The first formal definition of HEAs by Yeh established
both a compositional requirement, of five or more principal constituent elements each with an
atomic percent of 5-35 at.%, along with the requirement that the configurational entropy must be
greater than or equal to 1.5R [1]. This distinction based on the configurational entropy created
other regimes described by Yeh as medium entropy alloys, with a configurational entropy value
between R and 1.5R, and low entropy alloys, essentially traditional alloys that possess a
configurational entropy value below R. As the community began to understand that high
configurational entropy is not the sole determination of whether a composition would achieve an
RSS phase, more strict definitions were put forth for HEAs. Specifically, only alloys containing

five of more elements in near equiatomic concentrations that maintain a single RSS should be



designated as HEAs. If this definition were to be imposed, all compositions that produce
microstructures with any secondary phases would need another designation. Alternative names
such as multi-principal element alloys, compositionally complex alloys and complex concentrated
alloys have all been proposed but renaming the field is impractical at this stage of research [15].
The well accepted definition of HEAS is a crystalline system based off four or more elements each
constituting 5-35 at.%. The microstructure must contain at least one RSS phase and may include
intermetallic, ordered, and/or precipitate phases. Additional alloying elements (less than 5 at.%)
can be included into HEAs if the composition produces at least one RSS phase. These limitations
create bounds that incorporate many HEAs to date and is expected to accommodate the growing

complexity associated with engineering promising HEA systems for application.

1.5 Classification of high entropy alloys

When considering HEAs for structural applications, two distinct classes of HEAs have
emerged with promising properties: 3d-transition metal HEAs and refractory HEAs. 3d-transition
metal HEAs include almost exclusively 3d-transition metals within the alloy composition, with
the exception of Al in certain cases, and in general stabilize an FCC RSS phase. Refractory HEAS
on the other hand, possess compositions based on refractory elements, found in subgroups four to
six on the periodic table, and tend to form a BCC RSS phase. These two classes of HEAs are

briefly introduced with a focus on the standout mechanical properties reported for each.

1.5.1 Standout 3d-transition metal high entropy alloys

CrMnFeCoNi, the Cantor Alloy, has been studied extensively in the single FCC phase state
with several noteworthy mechanical properties. Gludovatz et al. synthesized the equiatomic
CrMnFeCoNi composition via arc melting followed by cold forging, a rolling process, and

annealing to achieve a sheet sample with a refined equiaxed grain structure [25]. The fracture



toughness and tensile yield strength of this material is compared to the same properties of common
material systems in Figure 3 [25]. While the yield strength of this material does not surpass all
metals and alloys shown, the fracture toughness is exceptionally high in part due to the formation
of planar glide dislocations that form cell structures, promoting strain hardening during plastic
deformation. Otto et al. arc melted and cold rolled the CrMnFeCoNi alloy to examine the variation
in mechanical behavior at cryogenic temperatures [26]. CrMnFeCoNi exhibited increased yield
strength at cryogenic temperatures with maintained ductility caused by the addition of deformation
induced nanoscale twinning that further enhanced strain hardening, preventing the onset of necking
in each sample. This observation along with the exceptional fracture toughness makes
CrMnFeCoNi a promising candidate for cryogenic applications but further research is needed to

assess the feasibility of its implementation.

10



<& <& <
) S S
R S N

High-entropy
alloys

Metallic

\ glasses
o

Nickel-based
super alloys

10°F

10' | 1 ( KC) 2 Magnesium alloys
Polymers

Fracture Toughness, K, (MPa.m1/2)

ceramics

10°F

Silica glass
Soda-limeglass
Borosilicate glass G | asses

Concrete Cement

”100 . II“”10‘ . l II”H]OZ I l II””103
Yield Strength, 6, (MPa)

Figure 3. Ashby map presenting fracture toughness as a function of tensile yield strength
including HEAs and many other material systems, reprinted from reference [25].

1.5.2 Standout refractory metal high entropy alloys

Refractory HEAs demonstrate high thermal stability and comparable mechanical
properties to commercial Ni-based superalloys. Miracle et al. collected the compressive yield
strength as a function of temperature for ten HEAs containing a BCC RSS and compared the results
to the tensile yield strength of three commercially available nickel based superalloys as seen in
Figure 4 [16]. Out of the ten HEAS, Alo4TiZrNbHfoeTa, AITiVND, TiZrNbHfTa, VNbMoTaWw,
and TiVZrNb contain a single BCC RSS (note compositions in reprinted figure are ordered
alphabetically). It is important to emphasize that the values for the commercial superalloys

correspond to tensile data while the HEASs here correspond to compressive data, complicating the
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direct comparison of the two. Still, the performance of these alloys is attractive when considering

the relative simplicity of microstructural features as compared to the superalloys.
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Figure 4. Compressive strength as a function of temperature for ten published HEA
compositions compared with tensile strength as a function of temperature for three commercially
available superalloys, reprinted from reference [16].

1.6 Modeling high entropy alloys

Possibly the most challenging aspect of researching HEAs is probing the vast
compositional space available. When considering the possible number of precise compositions
generated from varying principal elements, concentrations of principal elements, and
concentrations of alloying elements, Miracle et al. used combinatorial equations to calculate
hundreds of millions of possibilities [16]. Therefore, crucial to the research field is the
development of phase prediction techniques to target candidate compositions. To address this

challenge, several empirical rules and parameters were initially proposed to predict phase
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formation [27]. More recently, computational modeling has been implemented to rapidly screen
compositions based on their simulated microstructure. Calculated phase diagram CALPHAD
modeling has emerged in recent years as an effective approach for predictively screening potential
HEA systems and compositions for desirable microstructures. Most notable is the efforts by
ThermoCalc, a company well known for their commercial CALPHAD software, who have
developed a specialized database to be specifically used when considering HEA compositions [6].

A flow diagram of the assessment procedure of the CALPHAD approach according to
Lukas et al. is presented in Figure 5. In the CALPHAD approach, available theoretical and
experimental data are used to assess the parameters of a given phase’s Gibbs energy model [28].
The Gibbs energy models are then implemented in computational thermodynamics functions, that
depend on temperature, pressure, and composition, to determine equilibrium states. A general form
for the total Gibbs energy G, for a given phase 0, that is used in the CALPHAD approach is

expressed by:

Go =765 +P"°6H —T-sh + Gy

where the total Gibbs energy is seen as the summation of the Gibbs energy for an unreacted mixture
of the constituents /G2, the contribution to the Gibbs energy due to a physical model ?"’*G,
the negative of temperature multiplied by the configurational entropy cnf S92, and the excess Gibbs

energy G, [28]. Each of these major terms contains parameters that are selected based on the
input of experimental phase diagram data, measured thermodynamic quantities, and theoretical
crystallographic information of the phase. To determine the final parameter set to be used in the
computations, the CALPHAD approach goes through a detailed optimization to assure reliability

of the resulting thermodynamic descriptions. The data used for parameter selection are found in
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databases supplied by the software company, ThermoCalc. The databases are compiled with
experimental data on lower order systems of the constituent elements considered (i.e., unary,
binary and in some cases ternary) [6]. These databases are often specialized to a specific class of
alloys for example Al alloys or Ni based superalloys. Within these specialized databases there are
certain simplifications and omissions to the dataset of the considered constituents due to the lack
of influence on calculations based in conventional composition space (single principal element
approach). In order to accurately model complex compositions, as is the case for HEAS, the new
database from ThermoCalc assesses all binary systems possible from the constituent elements
considered as well as many key ternaries to minimize the number of simplifications. To date, this
database has been updated three times and each time more elements are considered in the database,
and better assessments of the binary and ternary interactions are achieved to develop a more
reliable modeling approach for HEA research. Several publications have demonstrated the validity
of CALPHAD computations by comparing them to experimentally formed HEAs [6,29,30]. From
the results of these publications it is clear that the ThermoCalc CALPHAD approach is beneficial

to the study of HEAs.
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1.7 Dissertation objectives

The goal of this Ph.D. dissertation is to investigate phase formation and stability in complex
HEA compositions after various metallurgical processing routes to better elucidate effective design
approaches for HEA compositions with desirable structural properties and processability. To

accomplish this goal, we propose the following approach:

l. Establishing a connection between properties of alloy constituents and the resulting

phases that evolve within the microstructure;

. Understanding the role of processing in changing the stability of secondary and

primary phases in HEAS;

1. Correlation of experimental characterization with computational thermodynamics

to validate the use of CALPHAD for the design of HEAS;

IV.  Development of new HEAs with beneficial multiple phase microstructures for

structural applications.

The following chapters of the dissertation present four studies conducted using the
approach proposed above. First, a phase decomposition and its influence on the mechanical
behavior of the equiatomic CoCuFeMnNi HEA processed by cold rolling was investigated to
establish these methodologies in an FCC based equiatomic composition HEA. To explore the role
of constituent concentration on the mechanical behavior of HEAs in a single FCC phase state, the
second study develops a novel non-equiatomic composition within the CoCuFeMnNi HEA system
with a reduced concentration of Cu and Mn to examine the influence of each in solid solution
strengthening of the FCC HEA in nanocrystalline and coarse grain microstructures. After
comparing the two compositions in the single FCC phase state, the phase decomposition that

occurs after high pressure torsion and post deformation heat treatment as well as the resulting
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mechanical behavior was probed in the non-equiatomic alloy. The final study of the dissertation
shifts to a refractory based HEA system of AIMoNbTiZr while the principal factors of phase
stability, mechanical behavior and the validation of CALPHAD predictions are the primary goals.
The culmination of these studies demonstrates a systematic approach of synergistically coupling

CALPHAD methods and experimental validations to design HEAs for structural applications.
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Chapter 2 : Influence of phase decomposition on mechanical behavior of an equiatomic
CoCuFeMnNi high entropy alloy

2.1 Background

Since the inception of HEAS, research has uncovered interesting fundamental phenomena,
such as complex phase stability at intermediate temperatures in these alloys as well as exceptional
mechanical performance in select compositions. A majority of the HEAs studied to date are
composed of transition metal elements, most notably the equiatomic composition of CoCrFeMnNi
coined “the Cantor alloy” after the author of the first report on this alloy [7]. This alloy possesses
the signature feature of HEAS, a single disordered solid solution face centered cubic (FCC) phase
composed of all five constituents, and exhibits exceptional fracture toughness at room temperature
due to the formation of planar glide dislocations that form cell structures, thus promoting strain
hardening [25]. Additionally this alloy maintains excellent fracture toughness, even at cryogenic
temperatures, through the formation of nanometric deformation twining [26]. These properties are
attributed to the relatively low stacking fault energy and relatively high shear modulus of the
disordered solid solution FCC, which drives large separations between partial dislocations [31].
While the disordered solid solution phase unique to HEAs has demonstrated noteworthy
properties, this structure is found to decompose after extended annealing heat treatments [2,32].
Particularly, the precipitation of a Cr-rich sigma ¢ phase was evident at 1000 hours at 700 °C [2].
The presence of a single stable disordered solid solution phase in HEAS is rare. In a recent review
Miracle et al. found that when considering many published alloys that fall in the complex
composition space of HEAs, most possess both intermetallic phases along with a disordered solid
solution phase [16]. With the current understanding of secondary phase formation in HEAs, there
has been an emphasis shift within the field from targeting single disordered solid solution phase

alloys to the development of complex HEAs with desirable multi-phase microstructures [33-37].
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Motivated by the above discussion, in the current work we determine the phase
decomposition of the equiatomic composition of CoCuFeMnNi and study the role of secondary
phases in altering the mechanical behavior of the alloy. The motivation for exploring these
constituent elements is grounded in the known decomposition of the Cantor alloy CoCrFeMnNi
as well as the consideration of thermodynamic properties of the binary interactions of the
constituents. As previously discussed, extended annealing heat treatment of the Cantor alloy led
to precipitation of a Cr-rich sigma ¢ phase formed at grain boundaries throughout the material.
Sigma phase formation in stainless steels, an analogous conventional alloy to 3d-transition metal
HEAs, is found to embrittle the material, leading to significant reduction in toughness [38]. To
avoid sigma ¢ phase formation, Cr is removed from the alloy system. To promote multiple FCC
phases within this alloy, Cu is incorporated into the composition due to the immiscibility of Cu
with the other constituent elements. Table 1 presents the values of mixing enthalpy 4Hmix
calculated by Miedema’s model for atomic pairs between all constituent elements [39]. Comparing
these binary pairings of the constituents, Cu possesses the largest mixing enthalpies particularly
with Fe and Co. Considering the magnitude of mixing enthalpies for Cu in this system along with
the fact that Cu possesses the largest metallic radius, 128 pm, of all the constituents, it is expected
that Cu segregation will occur in the equiatomic composition of this alloy system. The possibility
of multiple phase formation in CoCuFeMnNi makes this system of interest for studying the
stability of phases in HEA compositions and the role of these phases in the mechanical

performance of the material.
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Table 1. Values of mixing enthalpy AHmix [kJ/mol] calculated by Miedema’s model for atomic
pairs between all constituent elements and the atomic radius of each constituent element in the

alloy system.
AHmix [kJ/mol] Mn Fe Co Ni Cu
Mn X 0 -5 -8 4
Fe X -1 -2 13
Co X 0 6
Ni X 4
Cu X
Atomic radius [pm] 127 126 125 124 128

Experimental studies on the equiatomic CoCuFeMnNi are limited, and conflicting
microstructural analysis are reported. Tazuddin et al. first reported on the equiatomic composition
of CoCuFeMnNi synthesized by vacuum arc melting followed by homogenization and cold rolling
[40]. The authors claim the as-cast alloy exhibits a single FCC phase, and their work addressed the
evolution of texture in the rolled samples as well as the tensile behavior for the as-cold rolled and
annealed samples. Takeuchi et al. conducted a more detailed characterization of the as-cast
material formed through induction melting, in which they found the presence of two FCC phases
due to segregation of Cu in the alloy [41]. The authors did not report on the mechanical behavior
of this dual FCC microstructure. The final report by Sonkusare et al. confirmed the presence of a
dual FCC microstructure observed by Takeuchi et al. with the addition of a Fe-Co rich BCC
precipitate after a twelve hour annealing heat treatment at 650 °C [42]. Yet again, no mechanical

behavior of the samples with these phases present in the microstructure is reported by the authors.
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Most recently, Agarwal et al. investigated the varying deformation behavior between increasingly
complex alloys within the CoCuFeMnNi alloy system, but the analysis was focused on samples
that do not contain the secondary phases previously reported [43]. Considering the various reports
on the CoCuFeMnNi alloy system, there is a need for a careful, systematic evaluation of the phase
stability in this alloy, paying particular attention to investigating the role of these phases in the
mechanical behavior of the alloy.

To address the above points, equiatomic CoCuFeMnNi was experimentally synthesized
and thermomechanically processed followed by systematic post deformation annealing (PDA) heat
treatments. The microstructural evolution, specifically phase decomposition, during PDA
treatments is studied as a function of temperature as well as time. The tensile properties of the
material after each processing point are measured to understand the role of phase decomposition

on the mechanical behavior and develop design criteria for multi-phase transition metal HEAS.
2.2 Experimental methods

2.2.1 Material preparation

The alloy was synthesized by induction levitation melting, using bulk Co, Cu, Fe, Mn, Ni
(purity > 99.7%) in an equiatomic ratio as feedstock material. The material was melted under an
Ar atmosphere and cast into a Cu crucible to solidify. This step was repeated four times to achieve
chemical uniformity throughout the ingot. Note that the ingot was rotated before each remelting.
The ingot was melted a fifth time and then cast into a cylindrical stainless steel die measuring @
50 mm x 220 mm. The resulting ingot was machined down to remove contaminations from the die
then sectioned using electrical discharge machining. To homogenize the as-cast material, bars
measuring 120 mm x 35 mm x 12 mm underwent thermomechanical processing. The bars were

hot rolled at a temperature of 900 °C for a thickness reduction of ~50% followed by a heat
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treatment in an Ar atmosphere at 1000 °C for 4 hours then quenched in water. A portion of the
homogenized material was further processed by cold rolling at ambient temperature for a thickness
reduction of 60%. The cold rolled material was then sectioned, and various PDA treatments were
conducted as described in the results. For each PDA treatment, samples were encapsulated in a
fused quartz ampule that was purged with argon and under vacuum during the treatment. All PDA
treated samples were quenched into ambient temperature water by breaking the ampule while

submerged under water.

2.2.2 Mechanical testing

To assess the mechanical behavior of the alloy after each processing step, tensile tests were
performed using an Instron 8801 universal testing machine equipped with a 100 kN load cell and
a video extensometer to resolve axial strain. Tensile coupons possessing a 10 mm gauge length,
2.5 mm width, and 1 mm thickness were prepared from the as-cast, homogenized, cold rolled, and
PDA treated samples. For all samples that experienced rolling, the rolling direction was oriented
along the gauge length. All tests were conducted with a nominal strain rate of 1x1073 s. Several
coupons were tested for each condition to assure reproducibility and the most representative stress-

strain curves are presented.

2.2.3 Microstructural characterization

To determine phase composition of each sample, X-ray diffraction patterns were measured
using a Rigaku SmartLab X-ray diffractometer (XRD) equipped with a Cu K, (A = 0.1542 nm)
radiation source. Each run was performed from 20° to 100° with a step size of 0.02° and a speed
of 2 steps per second. Each pattern was normalized for comparison.

Analysis of the as-cast, homogenized, and fully recrystallized microstructures was

performed on a FEI Quanta 3D field emission gun scanning electron microscope (SEM) equipped
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with a pole piece mounted backscatter electron (BSE) detector and an Oxford energy dispersive
X-ray spectrometer (EDS). For all rolled samples, micrographs are normal to the rolling direction.
All samples were mechanically polished followed by a surface ion milling.

Scanning transmission electron microscopy (STEM) with EDS analysis was performed on
a JEOL JEM-2800 TEM operating at 200 kV and equipped with dual EDS detectors. Selected area
electron diffraction (SAED) was performed on a JEOL JEM-2100F TEM operating at 200 kV.
Specimens were prepared for TEM analysis by mechanical thinning foils of each sample using SiC
grit paper followed by ion-milling using a dual ion-beam Gatan PIPS to create electron transparent
regions.
2.2.4 Computational thermodynamics

As a retrospective analysis of phase decomposition in this alloy, the CALPHAD approach
was employed using ThermoCalc software with the high entropy alloy database version three
“TCHEA3”. Within this database, all possible binary systems of the five constituent elements for
this high entropy alloy have been critically assessed for the full range of compositions and
temperatures. According to ThermoCalc, for the possible ternary systems, seven have been
critically assessed and one tentatively assessed, leaving two ternary systems unassessed. The data
from these assessed systems are used to generate the property diagram for the higher order
equiatomic CoCuFeMnNi system.
2.3 Results
2.3.1 Homogenization of the as-cast microstructure

After induction levitation melting and casting, the solidified equiatomic CoCuFeMnNi
alloy possess a dendritic dual FCC microstructure. Figure 6 (a) contains the XRD pattern of the

as-cast material and Figure 6 (b) shows a BSE micrograph revealing both dendrite and
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interdendritic regions. The XRD pattern exhibits a major FCC pattern along with a minor FCC
pattern that is shifted to lower two-theta values, indicative of a larger lattice parameter [25]. EDS
point analysis determined the dendritic regions are enriched in Fe and Co while the interdendritic
regions are enriched in Cu and Mn; Ni is nominally constant throughout the phases.

The resulting microstructure from hot rolling and homogenization of the as-cast material
is shown in the BSE micrograph of Figure 6 (d). After this homogenization, the microstructure
possesses an equiaxed grain structure with a 30 um mean grain diameter. The XRD pattern in
Figure 6 (c) exhibits a single FCC pattern but to confirm the elements are uniformly distributed,
TEM analysis was conducted on the homogenized sample. Figure 6 (€) contains a SAED pattern
with a single set of reflections corresponding an FCC phase along the [011] zone axis. In addition
to the SAED, STEM EDS of the homogenized sample found no preferential clustering of any

constituent elements.
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Figure 6. Microstructural analysis for the as-cast and homogenized samples of the equiatomic
CoCuFeMnNi alloy including (a) the XRD pattern of the as-cast equiatomic CoCuFeMnNi alloy
exhibiting two overlapping sets of FCC peaks, (b) a BSE micrograph of the as-cast state that
reveals low Z contrast Cu-lean dendritic regions and high Z contrast Cu-rich interdendritic
region, (c) the XRD pattern demonstrating a single FCC phase after hot rolling and
homogenization of the as-cast material, (d) a BSE micrograph showing equiaxed grains after
homogenization, (e) TEM micrograph of a triple junction of grains in the homogenized sample
along with a SAED pattern of the highlighted area indexed to the FCC [011] zone axis, and (f)
STEM EDS of the homogenized sample that exhibits a uniform distribution of all five
constituent elements.

The mechanical behavior of the as-cast material and the homogenized material are
compared in Figure 7 (a). Homogenizing the material led to a decrease in the yield strength of
nearly 140 MPa, from 420 MPa in the as-cast state to 280 MPa in the homogenized state.
Additionally, the ductility was improved by 10% after homogenizing, from roughly 32% strain at

failure in the as-cast state to over 40% strain to failure.
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2.3.2 Cold rolled and 0.5 hour post deformation annealing treatments

To systematically study phase decomposition from the single phase state achieved after
homogenization, a range of PDA treatments were conducted on cold rolled samples from 500 °C
to 1000 °C with an increment of 100 °C. The duration of these PDA treatments was kept constant

at 0.5 hours.
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Figure 7. (a) Comparison of the tensile engineering stress-strain curves for the as-cast and
homogenized samples, (b) plot of the average yield strength, ultimate tensile strength, and strain
at failure for the cold rolled sample and 0.5 hour PDA annealing treatments, and (c) engineering

stress-strain curves for the cold rolled, 600°C, 800°C, and 900°C 0.5 hour PDA annealing

treatments.

2.3.2.1 Evolution of tensile behavior

Figure 7 (b) plots the average yield strength, ultimate tensile strength, and strain at failure
for the cold rolled state as well as each 0.5 hour PDA annealing. Cold rolling produces a substantial
increase in yield strength, from the homogenized state, to 910 MPa. This high strength is
accompanied by limited strain to failure of 9%. After low temperature (before complete
recrystallization) PDA treatments, until 600 °C, the material has a maintained yield strength, 900
MPa, as well as improved ductility, 17% strain at failure. After PDA treatments from 600 °C to
800 °C the yield strength of the material incrementally decreases resulting with a yield strength of
730 MPa after 800 °C and maintained ductility with a strain to failure of 19%. 900 °C marks a

significant change to the tensile behavior with a decrease in the yield strength to 310 MPa and an
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increase in ductility to 44% strain at failure. After PDA treatment at 1000 °C the trend of softening
continues. To better illustrate the evolution of the tensile behavior of these samples, the
engineering stress-strain curves of PDA temperature points that mark key transitions in properties
are presented along with the cold rolled material in Figure 7 (c). These four sample states will be

the focus of microstructural analysis to determine phase decomposition.

2.3.2.2 X-ray diffraction

The XRD patterns, measured normal to the rolling direction, of the cold rolled material and
after each PDA treatment are presented in Figure 8. From the full range of two-theta (20°-100°)
values, the cold rolled material shows slight {220} texturing. Figure 8 (b) is limited to the breadth
of the {220} peak for each sample. As the PDA treatment temperature increases from 500 °C to
600 °C, the pattern shows a single peak with a minor shift of the peak to higher two-theta values.
At 700 °C and 800 °C the major peak continues to shift to higher two-theta values and a second
FCC {220} peak emerges to the left of the major peak. After 900 °C the secondary FCC {220}
peak disappears and the major peak shifts back to lower two-theta values, indicative of a

dissolution of the secondary FCC phase.
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Figure 8. (a) XRD patterns of the cold rolled sample and samples PDA treated for 0.5 hours at a
range of temperatures (b) magnified view of 70° to 80° to show the (220) peak evolution.

2.3.2.3 Microstructural analysis of post deformation annealing treatments

While most of the microstructure of the PDA treated samples at 600 °C and 800 °C for 0.5
hours maintained the deformed state from cold rolling, STEM EDS analysis revealed the formation
of secondary phases. The BSE micrograph, Figure 9 (a), shows the overall deformed
microstructure present in the material after PDA treatment at 600 °C for 0.5 hours. Figure 9 (b)
presents a higher resolution examination of the microstructure that reveals fine nanoprecipitates
within the deformed material. STEM EDS analysis, Figure 9 (c-g), identified these particles as
enriched in Fe and Co. Surrounding these Fe-Co rich nanoprecipitates are regions enriched in Cu.
This decomposition of the single FCC matrix phases is confined to regions in the matrix near and
on the previous grain boundaries that persist after cold rolling. The Fe-Co rich nanoprecipitates
have a mean Feret diameter of 140.6 nm and have an average spacing of 420 nm in the regions of

the microstructure they are found.
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Figure 9. (a) BSE micrograph of the overall deformed microstructure present in the equiatomic
CoCuFeMnNi alloy cold rolled after PDA treated at 600 °C for 0.5 hours, (b-g) STEM EDS
analysis of particles observed within the deformed microstructure.

Figure 10 shows the microstructure after PDA treatment at 800 °C for 0.5 hours. While a
majority of the microstructure maintains a high level of deformation after this PDA treatment, as
seen in Figure 10 (a), STEM EDS analysis, Figure 10 (b-g) reveals the onset of recrystallization
has occurred with the formation of recrystallized nuclei. The material exhibits pronounced Cu
segregation in regions of the deformed microstructure where recrystallized nuclei have formed.
The Cu-rich domains are also enriched with Mn but lean of Fe, Co, and Ni. It is important to note
that only two FCC phases are present after PDA treatment at 800 °C and no Fe-Co nanoprecipitates

are present.
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Figure 10. (a) BSE micrograph of the overall deformed microstructure persisting in the
equiatomic CoCuFeMnNi alloy cold rolled after PDA treated at 800°C for 0.5 hours, (b-g)
STEM EDS analysis of recrystallized nuclei found within the deformed microstructure.

The material PDA treated at 900 °C for 0.5 hours achieved complete recrystallization and
initiated early stages of grain growth as seen in the BSE micrograph of Figure 11. The
microstructure possesses a uniform equiaxed grain structure throughout with a mean Feret
diameter of 8 pwm, which is 3.75 times smaller than the initial grain size of the homogenized
material. The EDS map in Figure 11 shows the five constituent elements are all uniformly

distributed throughout these equiaxed grains.
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Ni

Figure 11. SEM EDS analysis of the equiatomic CoCuFeMnNi alloy cold rolled and PDA
treated at 900°C for 0.5 hours.

2.3.3 Extended post deformation annealing treatments
To better understand the role of the secondary phases reported above, additional PDA
treatments were conducted at 600 °C and 800 °C for 2 and 24 hours respectively. The

microstructural evolution and mechanical behavior as a function of time are outlined below.
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Figure 12. Results of extended time PDA treatments at 600 °C (a) XRD patterns of the cold
rolled sample and PDA treated samples at 600°C for 0.5, 2. and 24 hour, (b) tensile engineering
stress-strain curves of the cold rolled sample and PDA treated samples at 600°C for 0.5, 2. and

24 hours, and STEM EDS and SAED analysis at a previous grain boundary in the equiatomic
CoCuFeMnNi alloy cold rolled and PDA treated at 600°C for 24 hours, (¢) STEM micrograph of
the previous grain boundary, (d) EDS concentration map for Fe revealing B2 phases, (e) the
SAED of the Fe-Co rich precipitate labelled B2 in (c), (f) EDS concentration map for Cu
revealing nuclei of Cu-rich FCC phase, (g) EDS concentration map for Ni confirming the
segregation of Ni in the phases present, (h) SAED of the Cu-Mn rich nucleated grain labelled

Cu-rich FCC in (c).
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After PDA treatment at 600 °C for 24 hours, the phase decomposition is appreciable
through XRD. Figure 12 (a) compares the XRD patterns of the cold rolled material and the 600 °C
PDA samples treated for 0.5, 2, and 24 hours. The XRD pattern for the sample treated for 2 hours
maintains a single FCC pattern although slight broadening to lower two-theta values is evident.
After the 24 hour PDA treatment, patterns corresponding to the matrix FCC, Cu-rich FCC, and an
ordered BCC (B2) phase are distinguishable. STEM EDS mapping in parallel with SAED for the
24 hour PDA treated sample determined the B2 phase corresponds to the Fe-Co rich
nanoprecipitates. Figure 12 (c,d,f,g) shows a STEM EDS map containing all three phases, the Fe-
Co rich B2 phase, the Cu-rich FCC phase and the near equiatomic matrix FCC phase, present
throughout the microstructure of the 24 hour PDA sample. As the PDA treatment time increased,
the Fe-Co nanoprecipitates coarsened significantly to a mean Feret diameter of roughly 480 nm.
Similarly, the phase produced by Cu segregation, which was limited to films at grain boundaries
in the 0.5 hour PDA treatment, nucleated equiaxed grains. The coarsening of these phases allowed
for analysis via SAED, illustrated in Figure 12 (e) and Figure 12 (h). SAED of the Fe-Co rich
precipitate labelled B2 throughout the micrographs of Figure 12 (c) produced the diffraction
pattern seen in Figure 12 (e), which indexes to a BCC [001] zone axis and clearly contains
superlattice reflections indicative of an ordered B2 structure. The Cu-rich grain labeled FCC
throughout the micrographs of Figure 12 (c) produced the diffraction pattern seen in Figure 12 (h),
which indexes to an FCC [011] zone axis, unique to a disordered FCC structure. Figure 12 (b)
presents the tensile behavior of the extended PDA treatments at 600 °C. The tensile properties after
the 2 hour PDA treatment are nearly identical to the 0.5 hour PDA treatment with a yield strength
of 900 MPa and strain at failure of 16%. The 24 hour PDA treatment marked a decrease in yield

strength to 860 MPa and strain to failure to 14%.
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2.3.3.2800 °C

Figure 13 (a) shows the XRD patterns of the samples after extended PDA treatments at 800
°C. The secondary FCC pattern present in the 0.5 hour PDA treatment is maintained after 2 and
24 hours. The major FCC peak width narrows with increasing time, making the secondary peaks
more distinguishable. BSE micrographs of the 24 hour PDA treatment at 800 °C in Figure 13
reveal a fully recrystallized microstructure composed of two FCC phases. Figure 13 (c) shows a
low magnification view of the recrystallized microstructure, which shows the heterogenous
distribution of a bright (high Z contrast) phase corresponding to the Cu-rich phase. Figure 13 (d)
is a higher magnification view which shows the equiaxed grains of the major FCC phase as well
as the narrow domains of the Cu-rich FCC that are found between the major FCC grains. The
tensile behaviors of these samples after extended PDA treatments at 800 °C are shown in Figure
13 (b). At 800 °C the 2 hour PDA treatment, samples possess a lower yield strength, of 620 MPa,
and increased ductility, with a strain to failure of 24%, as compared to the sample PDA treated for
0.5 hours. After the 24 hour PDA treatment a more significant drop in yield strength, to 380 MPa,

is observed as well as an increase in ductility, with a strain to failure of 32%.
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Figure 13. Results of extended time PDA treatments at 800 °C (a) XRD patterns of the cold
rolled sample and PDA treated samples at 800°C for 0.5, 2. and 24 hours, (b) tensile engineering
stress-strain curves of the cold rolled sample and PDA treated samples at 800°C for 0.5, 2. and
24 hours, and BSE micrographs of the equiatomic CoCuFeMnNi alloy cold rolled sample PDA
treated at 800°C for 24 hours (c) low magnification and (d) high magnification.

2.4 Discussion

2.4.1 Phase decomposition

The equiatomic bulk composition of CoCuFeMnNi exhibited three distinct phases that

were present in the microstructure at various temperature ranges: the near equiatomic disordered

FCC matrix phase, a Cu-rich disordered FCC phase, and the ordered Fe-Co rich B2 phase.
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The alloy achieved a single disordered solid solution FCC phase at temperatures above 900
°C as seen in the homogenized material as well as the cold rolled and PDA treated at 900 °C for
0.5 hours. In previous reports of the homogenized single FCC state of this HEA composition, Cu-
rich nano clusters are identified through atom probe tomography (APT) and electron diffraction
techniques [42,43]. Since Cu-rich clusters are not identified in the homogenized samples reported
in this study, their formation could be dependent on the processing parameters namely quench rate
after homogenization heat treatments. Further investigation of atomic scale Cu segregation in this
alloy and similar Cu containing HEAs is needed to confirm their presence. Nevertheless, this
solutionizing window, from roughly 900 °C to the melting point where the reported Cu-rich FCC
phase and Fe-Co rich B2 precipitates dissolve into the matrix FCC phase, is attributed to the
relatively high configurational entropy of the disordered solid solution phase. According to the
Gibbs free energy equation, at sufficiently high temperatures, the entropy of the disordered phase
would begin to dominate, leading to high temperature stability of the solutionized phase, as is the
case with many HEAS [16].

At lower temperatures, below 900 °C where entropy has less influence on the stability of
phases, the immiscibility of Cu with the other constituent elements leads to Cu segregation and
ultimately to the formation of a Cu-rich disordered FCC phase. Cu segregation is evident in all
samples processed below 900 °C. Figure 8 (b) reveals Cu segregation at 700 °C and 800 °C in
terms of the emergence of the secondary {220} peak at lower two-theta values indicative of a
larger lattice parameter due to the enrichment of the largest constituent element Cu. But even at
lower temperature the major {220} peak seems to shift towards higher two-theta values due to the
minor Cu segregation that is not resolvable by XRD due to peak convolution. The STEM EDS

results after PDA treatment at 600 °C, as shown in Figure 9, reveal this minor segregation of Cu
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that is localized around the Fe-Co rich precipitates. At these relatively low temperatures, where
diffusion through the matrix may be sluggish, Cu segregation is limited to interfaces and grain
boundaries because they act as preferential nucleation sites for secondary phases as well as
preferential diffusion pathways [44]. Figure 10 shows that the PDA treatment at the highest
temperature examined that falls below the solutionizing window, produced widespread Cu
segregation that was not limited to grain boundaries. Also, from Figure 10 it is evident that this
segregation occurs simultaneously with the onset of recrystallization at 800 °C as we see small
nuclei beginning to form. Interestingly, both the Cu-rich FCC and the Cu-lean FCC are nucleating
during the onset of recrystallization. The EDS in Figure 10 shows qualitatively that the Cu-rich
FCC nuclei also contain significant Mn and some Ni, which match the predicted behavior from
the enthalpy of mixing for binaries found in Table 1. Mn and Ni possess the lowest enthalpy of
mixing for all the constituents of the alloy. Nucleated grains of the Cu-rich FCC also occur within
the PDA treatment at 600 °C and at 800 °C for 24 hours owing to the stability of this phase at
lower temperatures.

Lastly, the alloy possesses a Fe-Co rich ordered B2 phase that precipitates and grows
during lower temperature PDA treatments and eventually dissolves into the matrix between 600
°C and 800 °C. The B2 phase is most evident after PDA treatments at 600 °C. STEM EDS results
show that the B2 phase begin to nucleate throughout the microstructure of the alloy after 0.5 hours
at 600 °C and coarsen significantly after 24 hours. SAED confirms the ordered nature of these
precipitates, which agrees with the results of Sonkusare et al. who observed B2 nano precipitates
at similar heat treatment temperatures [42].

The CALPHAD approach, using ThermoCalc’s TCHEA database version 3.0, allowed for

comparative analysis between the predicted stability of phases to the phases observed
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experimentally. An effective method of presenting the equilibrium phases predicted over a range
of temperatures for a given composition is generating a step diagram as seen in Figure 14 (a) for
the equiatomic composition of the CoCuFeMnNi alloy. From the melting point, 1157 °C, to 727
°C, CALPHAD predicts the formation of a single stable disordered FCC phase with all the
constituent elements present. The presence of the Cu-rich disordered FCC phase is predicted from
low temperature to 727 °C and the Fe-Co rich B2 phase is predicted from low temperature to 559
°C. While the precise temperature points at which the phases form do not match experiment, the
step diagram does agree with the phases observed throughout the thermomechanical processing.
The alloy can be homogenized at sufficiently high temperatures to incorporate all constituent
elements on a single FCC lattice. The presence of the Cu-rich FCC phase is expected at
intermediate temperatures as seen in the PDA treatment at 800 °C and the Fe-Co rich B2 phase is
present at low temperatures corresponding to the PDA treatment at 600 °C. One reason for this
discrepancy in phase stability is the fact that the experimental material cannot be considered to be
at thermal equilibrium. The second can be understood by examining the difference in chemical
composition of each distinct phase from experiment and CALPHAD. The coarsening of secondary
phases during the 600 °C PDA treatment for 24 hours allows for quantitative EDS measurements
of each phase observed. This analysis is plotted against the predicted chemistry of each phase
calculated by CALPHAD at 500 °C, the highest temperature that the model predicts the formation
of all three phases, in Figure 14 (b-d). When comparing the experimental and predicted data, the
chemistry of the stoichiometric ordered Fe-Co B2 phase is in relatively good agreement, with only
minor enrichment on Cu and Mn in the experimental data compared to the model. The Cu-rich
phase on the other hand, is significantly higher alloyed with Mn and Ni than simulated. The

predicted equilibrium Cu-rich phase is calculated as an effectively pure Cu phase, which is unlikely
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to occur particularly due to the fact that Cu has the lowest mixing enthalpy with Mn and Ni out of
all the constituent elements. Understanding the deviation from the ideal chemistry predicted in
CALPHAD to the more alloyed chemistries found experimentally, it is expected that the higher
alloyed phases can experimentally be stable at higher temperatures. The modeling of a segregating
element in a complex composition seems to be unreliable in ThermoCalc’s current iteration of the
TCHEA database. Further analysis of this inconsistency will be the subject of future work. It is
also important to point out that the matrix disordered FCC phase agrees reasonable with the
CALPHAD model. Any inconsistencies in these values could stem from the proximity to the

segregated region at the grain boundary in Figure 12 (c).
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Figure 14. (a) Equilibrium step diagram of the equiatomic CoCuFeMnNi alloy from 400°C to
1600°C calculated by the CALPHAD approach using ThermoCalc software with the TCHEA 3.0
database and a comparison of phase composition experimentally measured from STEM EDS of
the equiatomic CoCuFeMnNi alloy cold rolled sample PDA treated at 600°C for 24 hours and
predicted from equilibrium CALPHAD calculations for the alloy at 500°C where all three phases
are predicted (b) Fe-Co rich B2 phase, (c) Cu-rich FCC phase, and (d) the matrix FCC phase.

2.4.2 Mechanical behavior

The overall trend for the mechanical behavior in the 0.5 hour PDA treatments is indicative
of the roles of recovery, recrystallization, and grain growth; a trend well established in
thermomechanically processed 3d-transition metal HEAs [45]. However, by comparing specific
samples, the role of phase decomposition, specifically the presence of the Cu-rich disordered FCC

phase and the Fe-Co B2 phase, on the mechanical behavior becomes apparent. The initial 0.5 hour
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PDA treatment at 600 °C demonstrated an effectively maintained yield strength and increased
strain to failure compared to the cold rolled material. When considering a single FCC phased metal,
the increase in strain to failure below the recrystallization temperature is attributed to the
annihilation of some of the dislocations formed after deformation, known as recovery [46]. With
fewer dislocations, the contribution of dislocation strengthening will diminish, leading to a reduced
yield strength. But within the CoCuFeMnNi alloy, the yield strength is maintained, due to the
nucleation of the Fe-Co B2 nano-precipitates. These nano-precipitates likely lead to precipitation
hardening as they are sufficiently small, equiaxed, well dispersed, and atomically ordered. To
estimate the strength due to these nano-precipitates and compare to the expected loss of strength
due to dislocation annihilation, a model for the precipitation shearing mechanism is considered as
outlined in reference [47]. When considering precipitates of this size with assumed incoherent
interfaces, their strength due to the shearing mechanism that two factors can contribute to the
overall strength of the material: order strengthening (Acos) or modulus mismatch strengthening
(Aoms). The larger of the two factors is used as the strength increment the precipitation shearing

mechanism. Acoscan be calculated by:

3f\2
s
)

Yapb
Ao, = M0.81%<

and Aoms by:
1
Ao, = M0.0055(AG)? (%)2 (E)T_1
where M is the mean orientation factor (3.06 for a FCC polycrystalline matrix), G is the shear
modulus of the matrix phase [43], AG is the difference in shear modulus between the precipitate

and the matrix phase, f is the volume fraction of the precipitates estimated by the measured size

and spacing reported in section 3.2.3, r is the radius of the precipitates, m is 0.85, b is the magnitude
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of the burgers vector (v/2/2a) where a is the lattice parameter calculated from XRD), and yapb is
the antiphase boundary free energy of the precipitate phase [48]. In addition to these calculations,
the overall increment of strength is subject to a composite model because the Fe-Co rich nano-
precipitates are only present in a region surrounding the previous grain boundaries of the material
as described above in 2.3.2.3. Accounting for this the larger calculated strength increment was
that of the order strengthening factor that may be responsible for an estimated 106 MPa. This
additional contribution may explain why the yield strength was maintained after PDA treatment at
600 °C for 0.5 hours since this is roughly on the order of magnitude of the drop in strength expected
for dislocation annihilation [49].

The importance of their size and distribution in the microstructure can be appreciated when
considering the evolution of mechanical behavior during extended PDA treatments at 600 °C. The
coarsening of the microstructure from 2 hours to 24 hours leads to a drop in both the yield strength
and strain to failure of the material. This trend means that there is a critical size of the B2 phase at
which it will no longer contribute to the strength of the material. It is expected, through
optimization of the thermomechanical processing of this alloy, that an ideal size and distribution
of the Fe-Co B2 phase could be achieved but the goals of this study were to initially identify the
role of each phase. In the 0.5 hour PDA treatment, the most significant Cu segregation occurred at
800 °C but the effect of this phase decomposition on the mechanical behavior is convoluted by the
onset of recrystallization. At the onset of recrystallization in this alloy, the recrystallized nuclei of
both the Cu-rich disordered FCC and the near equiatomic disordered FCC form and it is unclear
whether the chemical segregation or the elimination of dislocations contributes to the reduced yield
strength and increased strain to failure. In order to better understand the role of the Cu segregation

in the formation of the Cu-rich disordered FCC, the mechanical behavior of the PDA treated
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sample at 800 °C for 24 hours is compared to that of the PDA treated sample at 900 °C for 0.5
hours. Since the microstructures of these two samples are both fully recrystallized and possess
grain sizes on the same order of magnitude, the only distinction between them is the Cu-rich
disordered FCC phase formed after PDA treatment at 800 °C for 24 hours. The addition of the Cu-
rich disordered FCC phase leads to an increase in the yield strength of 70 MPa and a decrease in
the ductility of 10%. These trends of increasing strength and decreasing ductility are also
observable when comparing the dual phase of the as-cast material with the single phase of the
homogenized material, although the equality of all other the microstructural features is not as clear
as in the PDA treated at 800 °C for 24 hours and 900 °C for 0.5 hours. When the Cu-rich disordered
FCC phase is present the microstructure contains more phase boundary interfaces that can obstruct
dislocation motion leading to enhanced strength with decreased ductility. Understanding the role
of this dual phase microstructure can be applied to the design of future FCC based HEAs that

exhibit similar phase decomposition.

2.5 Summary
Phase decomposition in equiatomic CoCuFeMnNi was systematically studied through
thermomechanical processing followed by post deformation annealing (PDA) treatments. The
secondary phases formed in the material during these processing steps were confirmed by
CALPHAD and their role on the mechanical behavior elucidated. The following key points can be
taken from the current work:
1. The equiatomic CoCuFeMnNi alloy exhibits three distinct phases, the primary equiatomic
disordered FCC phase, a Cu-rich disordered FCC, and Fe-Co rich ordered B2 precipitates.
2. Due to the significant immiscibility of Cu with the other constituent elements, Cu

segregates within the microstructure during PDA treatments below 800 °C and eventually
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leads to the formation of a Cu-rich disordered FCC phase which is stable within the alloy
until 800 °C to 900 °C.

. PDA treatment of the CoCuFeMnNi alloy at 600 °C achieved the nucleation and growth
of Fe-Co rich ordered B2 nano-precipitates that are a stable secondary phase until the phase
underwent dissolution between 600 °C to 800 °C.

. ThermoCalc CALPHAD analysis with the TCHEA 3.0 database underpredicts the thermal
stability of secondary phases as compared to experimental observation. The analysis agreed
with the chemical composition of the Fe-Co rich B2 phase and the matrix disordered FCC
but predicted the Cu-rich phase to be a pure Cu phase segregating while experimentally the
phase is also alloyed with Mn and Ni.

Deconvoluting the recrystallization events within these samples from the role of secondary
phases, the Fe-Co B2 phase on the order of 125 nm contributes to the strength of the alloy
through precipitation strengthening, and the Cu-rich disordered FCC increases strength

while reducing ductility through the introduction of additional phase interfaces.
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Chapter 3 : Influence of constituent element concentration on the mechanical behavior of
solid solution CoCuFeMnNi high entropy alloys

3.1 Background

As the previous chapter highlighted for the equiatomic CoCuFeMnNi HEA, many 3d-
transition metal based HEAs that can achieve a single FCC phase, also exhibit phase
decompositions at intermediate temperatures [2,32]. Understanding the possibility of secondary
phase formation is important for effectively designing these alloys for experimental study of the
effects of composition on the behavior of the alloy. Special care must also be taken to process the
material at temperatures where a single phase is stable. Since the majority of currently studied
HEAs are FCC based alloys, high pressure torsion (HPT) has been implemented to study
nanostructured states of some HEA compositions including CoCrFeMnNi and AICoCrFeNi [50-
55]. In general, these studies report that HEAs achieve similar levels of grain refinement as
conventional alloys and pure metals. The increased volume of grain boundaries acts as preferential
nucleation sites for secondary phases that are stable at low temperatures. This further demonstrates
the importance of processing these alloys at temperatures where a single phase is stable. It is
interesting to note, however, that few studies have been conducted on the CoCuFeMnNi HEA
system that primarily focus on the equiatomic composition of the alloy synthesized through
conventional casting routes [40-42]. These studies found that while the system can exhibit phase
decomposition at lower temperatures, the alloy can be homogenized at high temperature to form a
single FCC phase. The primary focus of these studies is the investigation of the microstructure of
the alloy and thus limited mechanical testing has been published. Most recently, the equiatomic
CoCuFeMnNi alloy was compared to the equiatomic compositions of its lower order, quaternary
and ternary systems, but no investigation into non-equiatomic compositions of the quinary alloy

[43]. While the equiatomic composition of a given HEA system has been the traditional starting
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point of experimental studies, recent advances in calculated phase diagram (CALPHAD)
approaches have enabled the prediction of stable phases in complex compositions of HEASs [6,29].
In this study, using a CALPHAD approach designed for HEA compositions, non-equiatomic
compositions are selected that are predicted to have a stable single FCC phase like the equiatomic
composition but with limited concentrations of specific constituent elements. This allows to better
understand the role of key constituent elements in the overall mechanical behavior and thermal
stability of the alloy. Specifically, in the HEA system CoCuFeMnNi, non-equiatomic
compositions with decreased concentrations of Cu and Mn are considered to investigate the role

of these two constituent elements.

3.2 Experimental methods

Target compositions from the CoCuFeMnNi alloy system were selected based on
thermodynamic predictions using the calculated phase diagram (CALPHAD) approach.
ThermoCalc software coupled with a specialized high entropy alloy database: TCHEA 3.0 allowed
for the prediction of stable phases at a range of temperatures for compositions within the
CoCuFeMnNi alloy system. The selected compositions, equiatomic Co20CuzoFe20MnzoNizo at.%
and non-equiatomic Co26CuioFe27Mn1oNiz7 at.%, were experimentally synthesized using induction
levitation melting with feedstock material of purity >99.7%. The two alloys were melted in an
inert environment and cast into a crucible to solidify. The process was repeated four times to ensure
uniformity of chemistry within the cast ingots. Discs with a radius of 7.5 mm and a thickness of
0.8 mm were sectioned from the ingots using electric discharge machining (EDM), and
homogenized under vacuum at 1100 °C for 12 hours, followed by a water quench. After
homogenizing the samples of each alloy to ensure a single FCC phase, HPT was utilized to

introduce severe plastic deformation in the discs. HPT was conducted on each disc at room

46



temperature with a pressure of 4 GPa for four turns at a speed of 0.5 rpm. Additional details of the
HPT technique can be found in reference [56]. The resulting discs of both the equiatomic and non-
equiatomic alloys were sectioned with the EDM to produce tensile coupons and samples for
microstructural characterization. In addition to the as-HPT state, samples of each composition

were heat treated after HPT under vacuum at 1000 °C for 30 minutes followed by a water quench.

Microstructural characterization was conducted by X-ray diffraction (XRD) and scanning
electron microscopy (SEM). XRD patterns of each sample were measured using a Rigaku Smartlab
X-ray diffractometer equipped with a Cu K, radiation source. A FEI Quanta 3D field emission gun
scanning electron microscope with a secondary electron (SE) Everhart-Thornley detector and a
backscatter electron (BSE) detector was used to image the microstructure of each sample and

fracture surfaces of tensile coupons.

For each alloy the mechanical behavior of the as HPT samples as well as the HPT and heat-
treated samples was determined through tensile tests. Tests were carried out on an Instron E 3000
Electropuls universal testing machine with a 5 kN loadcell and a video extensometer to measure
strain. Tensile coupons with 4 mm gauge length, 2 mm width and 0.5 mm thickness were cut from
discs at the mid-radius position to assure consistency across all samples. All tests were conducted
with a nominal strain rate of 1x10~ s™*. For each alloy and processing step several coupons were

tested to ensure reproducibility.

3.3 Results and discussion

Study of the CoCuFeMnNi alloy system began with the predictions from CALPHAD. Point
equilibrium calculations were performed to predict the stable phases of a given composition from
the alloy system at a given temperature. By varying each element and determining phase stability,

the selection of two compositions for experimental synthesis were chosen: equiatomic
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Co20Cu20Fe20Mn2oNi2o at.% and non-equiatomic Co2sCuioFe27MnioNiz7 at.%. From CALPHAD
both compositions are predicted to possess a single FCC phase at sufficiently high temperatures
until the melting event. Moreover, the equiatomic composition is often targeted when exploring
new HEA systems particularly when the alloy achieves a single phase. The non-equiatomic
composition was selected specifically to limit the amount of Cu in the alloy. With these two
compositions, the role of Cu in the strengthening and processability of this HEA system can be
studied. Specifically, the microstructural evolution after severe plastic deformation and after post
deformation annealing heat treatment as well as the mechanical behavior of these samples are

investigated in the following sections.

3.3.1 Microstructural evolution

The processing of the two HEA compositions induced significant microstructural changes.
To systematically study these changes, we characterized samples after key processing steps. In
previous work, the homogenization of the as cast materials for both compositions was confirmed
to produce a coarse grained, hundreds of micron grain diameter, single FCC phase. To determine
the effects of HPT on each composition, XRD patterns of the as-HPT samples are plotted in Figure

15.
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Figure 15. XRD patterns of the as-HPT state for both the non-equiatomic (top) and equiatomic
(bottom) compositions exhibiting broad peaks corresponding to a single FCC phase.

After HPT, both compositions maintain a single FCC pattern, as indexed in Figure 15, but
the patterns possess appreciable broadening. This broadening is most likely associated with the
grain refinement and strain that is expected from severe plastic deformation processing routes such
as HPT [57]. While an exact grain size is not determined from the XRD patterns provided, TEM
investigation of the as-HPT samples is ongoing and will provide a quantified grain size that is
expected to be on the order of 50 nm. Another important observation from the XRD patterns in
Figure 15 is the peak shift of the FCC pattern of the non-equiatomic composition to higher two-
theta values as highlighted by the vertical dotted lines between the two patterns. Such a shift, which
increases with increasing two theta value, is directly related to the variation in lattice parameter
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between the two alloy compositions. To calculate the lattice parameter of the FCC phase in each
composition, the Nelson-Riley extrapolation method was used [58]. The resulting calculated lattice
parameters for the equiatomic and non-equiatomic compositions are 3.625 A and 3.603 A
respectively. This difference is due in part by the reduction of the concentration of Cu and Mn in
the non-equiatomic alloy. Cu and Mn have the largest atomic radii of all the constituent elements
at 128 pm and 127 pm respectively, so they contribute most to the lattice parameter of the solid

solution FCC phase in each composition.

To assess the thermal stability of the nanostructured samples of each composition while
avoiding phase decomposition at intermediate temperatures, heat treatments on the HPT samples
were carried out at 1000 °C for 30 min. The temperature was chosen based on the initial
CALPHAD that predicted a single FCC phase for both compositions at this temperature. Figure
16 presents the XRD patterns of the samples of each composition after this high temperature heat

treatment.
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Figure 16. XRD patterns of the samples heat treated at 1000 °C for 30 minutes after HPT (HPT
+ HT) for both the non-equiatomic (top) and equiatomic (bottom) compositions exhibiting
narrow peaks corresponding to a single FCC phase.

After heat treatment, both compositions remain a single FCC phase based on the indexed
patterns. Comparing to the as-HPT XRD patterns, both compositions exhibit narrower peaks
indicative of grain growth. Shoulders emerge on the {311} peak of both compositions but these
were confirmed as the convolution of diffraction of Cu K2 with the primary Cu K, radiation. The
peak positions for each composition are consistent with the as-HPT samples confirming the
difference in lattice parameter between the two compositions. To confirm that significant grain

growth occurred during the heat treatment, these samples were imaged by BSE SEM to resolve
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channeling contrast due to varying grain orientation in the single-phase samples. Figure 17 shows

representative BSE SEM micrographs of the equiatomic and non-equiatomic compositions.

a) )

100 um 100 pm

Figure 17. BSE micrographs of (a) the equiatomic composition heat treated after HPT and (b)
the non-equiatomic composition heat treated after HPT revealing grain morphology through
channeling contrast.

From these micrographs the microstructural features of each composition after HPT and
heat treatment can be qualitatively described. Preliminary measurements of the grains resolved in
Figure 17 show a general trend of 20-60 um grains in the equiatomic composition while the non-
equiatomic composition contains grains that are larger up to 90 um. Additionally, these
preliminary observations of the microstructure, limited twin like boundaries are observable in the
equiatomic composition while in the non-equiatomic composition twin like boundaries are
observable throughout. By processing these two compositions in an identical manner, the
differences in the thermal stability can be attributed to the variation of constituent concentrations.
While the quantification of diffusion in HEAs has been challenging and extensively debated, the
current understanding is that the complex interdiffusion of five or more constituent elements can

significantly affect diffusion kinetics [59]. Considering the larger grains observed in the non-
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equiatomic composition compared to the equiatomic composition, Cu and Mn may play a role in
the grain growth kinetics of these alloys. The propensity to form twins within HEAs has been
associated with low stacking fault energies, particularly in HEA systems enriched in Co, Ni, and
Fe [27]. Since the reduction of Cu and Mn results in a composition enriched in Co, Ni, and Fe it is
expected that the stacking fault energy of the non-equiatomic composition is lower than that of the
equiatomic composition, thereby contributing to the increased formation of twins observed

experimentally [60].

3.3.2 Mechanical behavior

To determine the possible changes in mechanical behavior due to the variation of
constituent concentration and the different microstructures characterized above, small scale tensile
tests were carried out for each sample. Figure 18 presents representative engineering stress-strain

curves for the as-HPT sample and heat treated after HPT sample for both compositions.
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Figure 18. Representative engineering stress-strain curves for the as-HPT samples and heat
treated after HPT samples of both the equiatomic and non-equiatomic compositions.

Relevant properties measured from the tensile tests, including yield strength (0.002
mm/mm offset), ultimate tensile strength, strain to failure, and the percent area reduction are

summarized in Table 2.
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Table 2. Yield strength, ultimate tensile strength, strain at failure, and percent area reduction for
all four samples tensile tested.

Yield Strength Qltlmate Strain at failure  Area Reduction

Sample [MPa] Tensile Strength [mm/mm] [%]
[MPa] °

Equiatomic 1390 1670 13.2 20.3
as-HPT ' '

Non-equiatomic 1330 1630 13.1 26.9
as-HPT ' '

Equiatomic
HPT + HT 250 560 51.3 66.2
Non-equiatomic 200 500 47.8 815

HPT + HT

The marked difference between the as-HPT samples of both compositions compared to the
heat-treated samples is directly related to the grain size. The as-HPT samples exhibit exceptional
yield strength, above 1300 MPa, with limited strain to failure. Most of the strain induced in these
samples is associated with local plasticity, after the ultimate tensile strength is reached. These
behaviors are common to nanocrystalline metals due to the Hall-Petch strengthening and inability
to accommodate large dislocation densities [57]. The heat-treated samples possess significantly
lower yield strengths, on the order of 200 MPa, with a large increase in ductility. Moreover, the

heat-treated samples demonstrate strain hardening from their yield point to the ultimate tensile
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strength. The grain growth that occurred during the heat treatment produced a coarse enough grain
structure to accommodate dislocation entanglement within the FCC matrix leading to this observed
change in mechanical behavior. Differences in the failure mode of the two processing steps can be

appreciated by observing the fracture surfaces captured in the SE SEM micrographs of Figure 19.

Figure 19. SE micrographs showing the fracture surfaces topography of (a) the as-HPT
equiatomic composition, (b) the as-HPT non-equiatomic composition, (c) the heat treated after
HPT equiatomic composition, and (d) the heat treated after HPT non-equiatomic composition.

The fracture surfaces of the as-HPT samples possess fine scale dimpled regions
corresponding to ductile failure, along with the formation of large-scale voids that have faceted
features corresponding to the radial direction of the HPT disc orientation. The fine grain size and

the directionality of the strain induced during HPT are expected to contribute to this failure mode.
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In comparison the heat-treated samples exhibit uniform dimpled surfaces with fine void formation

demonstrating the obvious ductile failure.

The results of the tensile testing of these two compositions illustrate two potential
influences of the constituent concentration in this alloy system, specifically the role of Cu and Mn.
After each processing step, the yield strength of the equiatomic composition is consistently higher
than that of the non-equiatomic composition by roughly 50 MPa. While the exact mechanisms of
solid solution strengthening are more difficult to realize for HEAs as compared to conventional
alloys, it is anticipated that Cu and Mn contribute to the solid solution strengthening in this alloy
system as they could provide the most significant lattice distortion due to their atomic size. Another
difference between the equiatomic composition and non-equiatomic composition is that the area
reduction that occurs during the tensile test is greater for the non-equiatomic composition under
both processing conditions. This could correspond to the difference in the deformation
mechanisms active in the two compositions. From the microstructural analysis, the non-equiatomic
composition possesses more twins than the equiatomic composition so it is possible that the
reduction of Cu and Mn allows for more deformation twinning to occur in the material. While the
influence of the constituent variation is minor compared to the effect of microstructure, the
contributions of Cu and Mn to solid solution strengthening and deformation behavior are

appreciable.

3.4 Summary

Cu and Mn influence the mechanical behavior and thermal stability of the CoCuFeMnNi alloy
system. By experimentally forming and processing by HPT the equiatomic composition of this
alloy system along with the non-equiatomic composition with reduced content of Cu and Mn, the

differences in their behavior are associated to the different contents of Cu and Mn. The non-
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equiatomic composition exhibited slightly larger grains than the equiatomic after heat treatment
which is attributed to the ability of both Cu and Mn to slow grain growth kinetics. More twinning
occurred in the non-equiatomic meaning the reduction of Cu and Mn may have also lowered the
stacking fault energy of the alloy. This role may also contribute to the different deformation
mechanisms active during tensile loading. The equiatomic composition achieved higher strengths
at both the as-HPT state and the heat-treated state, showing the role of Cu and Mn in solid solution
strengthening due to their large atomic size compared to the other constituents. From the current
study, Cu and Mn are identified to impact the performance of HEAs within the CoCuFeMnNi

system.
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Chapter 4 : Influence of phase decomposition on mechanical behavior in a nanocrystalline
non-equiatomic CoCuFeMnNi high entropy alloy

4.1. Background

With the differences between the equiatomic and non-equiatomic CoCuFeMnNi HEAs in
the single FCC phase state established in the previous chapter, the focus of this study shifts to the
phase stability of the non-equiatomic composition at intermediate temperatures. The current
understanding of HEAS is that the selection of constituent elements and their relative amounts is
paramount to the performance of the alloy. The largest subset of HEAS is based on the use of 3d-
transition metals to stabilize a major face centered cubic (FCC) phase. This technique dates back
to one of the earliest reported compositions, the equiatomic composition of CoCrFeMnNi also
known as the Cantor alloy [7]. The Cantor alloy is representative of the initial premise of HEA
research because these five elements in an equiatomic composition produce a single FCC
crystalline phase, after conventional casting. In this FCC phase, each constituent element has an
equal probability of occupying any given lattice site. Since its discovery, the Cantor alloy has been
thoroughly studied for its unique fracture toughness at room temperature and cryogenic
temperature, attributable to the relatively low stacking fault energy and high shear modulus
promoting nano twinning and large separation of partial dislocations [25,31,61]. While the alloy
exhibits these properties in the single phase state, phase decomposition is observed in the Cantor
alloy after heating at intermediate temperatures which can significantly alter the mechanical
behavior of the alloy [2,26,32]. Recent research in the 3d-transition metal subset of HEAS has
focused on the development of HEASs that exhibit targeted multi-phase microstructures to improve
mechanical behavior for engineering applications [49,62]. Often these studies rely on specialized

processing of the material such as severe plastic deformation, including high pressure torsion
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(HPT), along with post deformation annealing heat treatments to form secondary phases in the
microstructure [50-52,63].

Similar to the Cantor alloy, another well studied FCC based HEA exhibiting phase
decomposition is the equiatomic CoCuFeMnNi composition [40-43,64]. Early reports on this
alloy document varying observations of phase stability and secondary phase formation [40,42].
Recently the authors of the current study published a systematic investigation of the phase
decomposition in the equiatomic CoCuFeMnNi to detail precisely what secondary phases form,
how thermally stable they are, and how they contribute to the mechanical behavior of the material
[64]. To achieve this, results of systematic heat treatments on experimentally formed samples were
compared to the predictions from CALculated PHAse Diagram (CALPHAD) method, which is a
computational thermodynamics technique that has recently been modified for application to HEA
research [6,5,65,66]. From this work CALPHAD analysis of the equiatomic CoCuFeMnNi was
validated by experimental results, determining the alloy exhibits a secondary Cu-rich FCC phase
below 900 °C as well as an ordered B2 body centered cubic (BCC) phase enriched in Fe and Co
stable below 800 °C. The B2 phase exhibited uniform precipitation in the FCC matrix and
contributed to the strength of the material while the Cu-rich FCC phase was irregularly distributed
and primarily driven by segregation of Cu due to the immiscibility of Cu with the other
constituents. The phase formation in the equiatomic CoCuFeMnNi is fairly complex and so there
is a possibility of varying the composition of the alloy within the CoCuFeMnNi system to control
the secondary phase formation in a non-equiatomic composition.

Based on the above discussion, the objectives of the current study are, first, to probe the
non-equiatomic compositional space of the CoCuFeMnNi system using CALPHAD to minimize

Cu segregation at intermediate temperatures. Second, to experimentally prepare the alloy using
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HPT to achieve a nanocrystalline microstructure and conduct thermal analysis and heat treat
accordingly to investigate the phase stability in this non-equiatomic composition. Finally, we
assess the mechanical behavior of various microstructural features from grain size to phase

constituents.

4.2. Experimental methods

4.2.1. Computational thermodynamics

Thermodynamic calculations of phase stability were produced by the CALPHAD approach
using ThermoCalc software with the high entropy alloy database version three “TCHEA3” [67].
Recently the fraction of assessed ternaries (FAT) has been proposed as an effective metric in
comparing the application of TCHEA3 to specific HEA systems [68]. The CoCuFeMnNi HEA
system possesses a FAT of 0.8, meaning eight of the ten possible ternaries were assessed within

the current version of the database.

4.2.2. Material preparation

A cast ingot of the non-equiatomic CozsCuioFe2zMnioNizz at.% was experimentally
synthesized by induction levitation melting of feedstock material with purity >99.7%. The casting
occurred in an Ar inert environment and the material was initially cast into a Cu crucible. To
achieve chemical uniformity in the resulting ingot, the material was flipped, rotated, and remelted
four times. Upon the final melting, the material was cast into a stainless steel die. The resulting
ingot was machined to remove any contamination from the die. Wire electric discharge machining
(EDM) was implemented to prepare discs of the as-cast material for subsequent processing. The
discs with radius of 7.5 mm and thickness of 0.8 mm were sectioned from the mid-radius position
of the ingot to avoid the high porosity commonly found in the center of cylindrical ingots. The

discs were then mechanically polished to remove any contaminants from EDM and encapsulated
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under Ar purged vacuum in fused quartz ampules. After encapsulation, the discs were
homogenized at 1100 °C for 12 hours followed by a water quench. The homogenized discs were
then processed by HPT to impart severe plastic deformation. The fundamentals of the HPT process
have been published in reference [56]. In this study the HPT process was conducted at room
temperature with a pressure of 4 GPa with an anvil rotational speed of 0.5 rpm. Each disc was
processed for four turns of the anvil. Post deformation annealing (PDA) treatments of the as-HPT
material were carried out by first encapsulating the samples as described above and heat treating
at 600 °C and 1000 °C for 30 minutes followed by a water quench. Due to the nature of torsional
strain developed through HPT, the relative level of strain and microstructural refinement achieved
through the process is highly location specific along the radius of the disc. To address this, all

samples for analysis were taken from the mid radius position.

4.2.3. Differential scanning calorimetry

Thermal analysis of the as-homogenized and as-HPT material was conducted by
differential scanning calorimetry (DSC) with a Netzsch DSC 403 F3 Pegasus® [69]. Samples with
approximate dimensions of 2 mm x 0.5 mm x 2 mm were sectioned using EDM from the mid-
radius location of both homogenized and as-HPT discs and mechanically polished to remove
contaminants. Each sample was placed in alumina crucibles and heated in the DSC under an inert

Ar environment from 25 °C to 1470 °C with a heating rate of 10 °C/min.

4.2.4. Microstructural characterization
A Rigaku SmartLab X-ray diffractometer (XRD) equipped with a Cu K, (A = 0.1542 nm)
radiation source measured the X-ray diffraction patterns of each sample. Each sample was scanned

from 20° to 100° with a step size of 0.02° and a speed of 2 steps per second. The intensity data of
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each sample was normalized for comparison. The lattice parameter of the identified phases from

each XRD pattern was calculated using the Nelson-Riley extrapolation method [58].

A FEI Quanta 3D field emission gun scanning electron microscope (SEM) equipped with
a pole piece mounted backscatter electron (BSE) detector was utilized for preliminary
microstructural observation. All SEM micrographs are normal to the face of the disc. All samples
were mechanically polished followed by a final vibratory polishing using alumina polishing

suspension.

Automated crystal orientation mapping (ACOM) was performed on the as-HPT sample
and PDA treated at 600 °C for 30 minutes. A Tecnai F-20 ST TEM operated at 200 kV, equipped
with ASTAR NanoMegas system was used for precession electron diffraction (PED). TEM was
operated in microprobe scanning transmission electron microscopy (UP-STEM) mode with an
extraction voltage of 4.5 kV, a condenser aperture (C2) of 30 um, a gun lens 3, a spot size 6, and
a camera length of 80mm. Each map was acquired using a step size of 2 nm and a precession angle

of 0.4 ° at each step.

After the acquisition, the data was analyzed using ASTAR package (Diff Gen2, Index2,
MapViewer2) for indexing the spot diffraction pattern using the template matching procedure. The
simulated diffraction patterns were given the lattice parameter as 3.6 A for FCC phase and 2.86 A
for B2 phase as determined by the analysis of each samples XRD pattern as described above. The
indexing was performed using one softening loop, three spot enhance loops, a spot detection radius
of, 5 and a noise threshold of 10. Post processing of the orientation information and the calculation
of grain sizes was performed using MTEX version 3.5.0 in MATLAB 2015a. Additional

information on the elliptical fit method of grain size measurement is found in reference [70].
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The energy dispersive X-ray spectroscopy (EDS) was done in STEM mode with condenser
aperture (C2) of 50 um and a spot size 5. The quantified measurement of composition for the two
phases present in the HPT and post deformation annealing heat treated at 600 °C for 30 minutes

sample were generated from point analysis of the STEM EDS maps.

4.2.5. Mechanical testing

Tensile tests were performed using an Instron E 3000 Electropuls® universal testing
machine equipped with a 5 kKN load cell and a video extensometer to resolve axial strain. Each
tensile specimen was prepared by EDM with a 2 mm gauge length, 1 mm width and 0.5 mm
thickness gauge section. To ensure the tensile specimen were comparable between samples, all
coupons were cut such that the center of the gauge width aligned with the mid-radius position in
the disc. The tensile direction is normal to the radial direction of the disc and the thickness of the
coupon corresponds to the thickness of the disc. All tests were conducted with a nominal strain
rate of 1x103 s, Representative stress-strain curves are presented from the several coupons that

were tested for each sample.

4.3. Results

4.3.1. Microstructural analysis of as-homogenized and as-HPT state

XRD and SEM analysis confirms a fully homogenized microstructure in the starting
material prior to HPT. Figure 20 (a) contains the XRD pattern for the as-homogenized material,
which is indexed to a single FCC pattern. The BSE micrograph presented in Figure 20 (b) presents
the microstructure of the as-homogenized material through channeling contrast to resolve the
equiaxed grain structure of the single FCC phase. The grains of the as-homogenized material are
relatively coarse, with an average Feret diameter of 115 + 31 um. The darkest contrast in the BSE
micrograph of Figure 20 (b) are pores in the as-homogenized material that are remaining from the
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casting process. The material produced through the homogenization heat treatment exhibits a
sufficiently uniform microstructure of a single FCC phase with coarse grains to accommodate

strain during severe plastic deformation.
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Figure 20. (a) XRD pattern of the as-homogenized Co26Cui0Fe27Mn1oNiz7 at.% HEA indexed to
a single FCC phase (b) SEM BSE micrograph of the as-homogenized microstructure.

The level of strain introduced into the as-homogenized material through the HPT
processing parameters is commonly expected to produce a nanocrystalline microstructure in
similar FCC metals and alloys [71-73]. Therefore, the microstructural analysis of the as-HPT
material was conducted by TEM techniques including ACOM and STEM EDS found in Figure 21
(@) and (b) are the ACOM texture map and phase map, respectively, for the as-HPT material. After
HPT, the microstructure achieves a highly refined microstructure while maintaining a single FCC

phase. The average grain size of the as-HPT material is 100.4 + 2 nm and the accompanying grain
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size distribution is presented in Figure 21 (c). The grains are significantly elongated with an aspect
ratio of 3.34:1, which is inherent to the torsional nature of the strain applied to the samples. The
chemical uniformity of the nanocrystalline FCC phase is confirmed by STEM EDS, found in
Figure 21 (d), which shows no appreciable clustering of any of the constituents over a relatively
broad area of the microstructure. Based on the above analysis, the HPT process successfully

nanostructured the previously coarse grain FCC phase of the as-homogenized starting material.
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Figure 21. TEM analysis of the as-HPT microstructure including (a) automated crystal
orientation mapping (ACOM) texture map, (b) ACOM phase map indexing the entire
microstructure to the FCC matrix phase, (c) elliptical fit grain size distribution, and (d) STEM
EDS compositional map.

4.3.2. Thermodynamic calculations and thermal analysis
The equilibrium step diagram produced by thermodynamic calculations using the
CALPHAD method for the non-equiatomic Coz2sCuioFe2zMnioNizz at.% HEA is presented in

Figure 22 (a). Equilibrium step diagrams plot the relative amount of all phases as a function of

temperature and are effective in mapping the predicted phase stability for a given composition.
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CALPHAD predicts a melting range for the primary FCC matrix phase of the HEA from roughly
1295 °C to 1370 °C. In the solid state, CALPHAD predicts a broad single-phase region from
melting to roughly 630 °C, below which secondary phases are predicted. Below 630 °C a B2
ordered BCC precipitate enriched in Fe-Co is predicted to readily form; at 400 °C the equilibrium
amount of B2 predicted is nearly 50%. Below 535 °C, a Cu-rich FCC is predicted to form but with
a significantly lower equilibrium amount of all phases. The phase stability predicted by
CALPHAD will serve as a point of comparison for the following experimental results of thermal

and microstructural analysis of the Co2sCu10Fe27Mn1oNi27 at.% HEA.
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Figure 22. (a) CALPHAD step diagram of the designed Co26CuzioFe27Mn1oNiz7 at.% composition
mapping the equilibrium phases and their relative amount as a function of temperature and (b)
differential scanning calorimetry curves for the coarse grain as-homogenized sample and the
nanostructured as-HPT sample.

DSC curves of the as-homogenized and as-HPT Co26CuioFe2zMnioNio7 at.% HEA are
plotted in Figure 22 (b), which provide context for the two PDA treatment temperatures
investigated. While each sample exhibits a broadly curving background inherent to the DSC,
several observations are apparent when comparing the coarse grained as-homogenized sample and

the nanocrystalline as-HPT sample. Both samples possess a sharp endothermic peak corresponding
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to the melting event from 1293 °C to 1378 °C with a peak intensity at 1368 °C. In the solid state
prior to the melting event, the as-HPT sample exhibits several minor fluctuations from the
background curvature that are not present in the as-homogenized sample. In the as-HPT sample
from 253 °C to 688 °C several minor fluctuations are apparent with the largest peaking at 668 °C.
In addition to these lower temperature fluctuations, a larger fluctuation is present from 793 °C to
988 °C with a peak intensity at 893 °C. When considering the predictions from CALPHAD, the
fluctuations present in the DSC curves of the as-HPT sample may be attributable to the
precipitation behavior of the B2 phase, with the lower temperature fluctuations relating to
precipitation and the larger fluctuation at higher temperature relating to dissolution. To test this
hypothesis, PDA treatments were conducted at 600 °C for 30 min to capture the precipitation event,

and at 1000 °C to confirm complete dissolution.

4.3.3. Microstructural analysis of the post deformation heat treatments

Selected from the above thermal analysis of the as-HPT material two 30-minute PDA
treatments were conducted at 600 °C and 1000 °C to investigate the phase stability in this
Co26CuzoFe27Mn1oNiz7 at.% HEA. The following details the microstructural analysis of these two
heat treated samples to establish the phase stability of this material and quantitatively compare it

to the CALPHAD predictions for this HEA composition.

Figure 23 (a) shows the XRD patterns of the two post deformation heat treated materials
as well as the as-HPT material for reference. As confirmed by the TEM results of Figure 21, the
as-HPT XRD pattern exhibits a single FCC pattern with broad peaks indicative of a refined grain
structure [74]. The lattice parameter of the FCC phase is 3.60 A, as calculated from this XRD

pattern. After heat treatment at 600 °C for 30 minutes, the material develops secondary peaks in
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addition to the FCC pattern that index to a BCC structure with a lattice parameter of 2.86 A. The
BSE micrograph in Figure 23 (b) shows Z contrast that reveals nano-sized precipitates with darker
contrast than the matrix phase. After PDA treatment at 1000 °C for 30 minutes, the XRD pattern
returns to a single FCC pattern with no secondary peaks. The microstructure presented in the BSE
micrograph of Figure 23 (c) possesses an equiaxed grain structure of the single FCC phase with
an average Feret diameter of 30 + 13 um. This analysis suggests that there is a clear phase
decomposition that occurs during the PDA treatment at 600 °C for 30 minutes which does not

occur at high temperature, specifically 1000 °C.

a)

1 e FCC b)
+ BCC (]
5 . HPT + HT 1000 °C 30 min
g
o,
¢
%‘ A ° + ° L4 ° ()
T ' HPT + HT 600°C 30 min )
=
Jl 4 @ o o
as-HPT
v T v T L4 T ¥: T v T h T ¥ 1
30 40 50 60 70 8 90 100

20 [deg.]

Figure 23. (a) XRD patterns of the as-HPT, HPT and heat treated at 600 °C for 30 min, and HPT

and heat treated at 1000 °C for 30 min; (b) BSE SEM micrograph of the HPT and heat treated at

600 °C for 30 min sample; and (c) BSE SEM micrograph of the HPT and heat treated at 1000 °C
for 30 min sample.

TEM analysis of the PDA treated material at 600 °C for 30 minutes is required to fully

characterized the phase decomposition. Figure 24 (a) and (b) are texture and phase maps,

respectively, from ACOM analysis of the material after PDA treatment at 600 °C for 30 minutes.
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The material exhibits a two phase microstructure with a major FCC phase, with 91.2 vol%, and a
minor B2 ordered BCC phase, with 8.8 vol%. The minor B2 phase exhibits intergranular
precipitation with no indexing to the B2 phase within the major FCC phase. Figure 24 (c) and (d)
plot the grain size distribution for the FCC and B2 phases, respectively. The size of the two phases
is on the same order of magnitude with the FCC phase possessing an average grain size of 146 +
2 nm and the B2 phase an average grain size of 131 + 13 nm. Additionally, both phases in this
aggregate microstructure exhibit a near equiaxed grain size; the aspect ratio of the FCC phase is
1.76:1 while the B2 phase is 1.71:1. Through this detailed TEM analysis of the material after PDA
treatment at 600 °C for 30 minutes, the phase decomposition from the as-HPT single FCC phase

is confirmed to form a secondary minor B2 Phase.
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Figure 24. TEM analysis of the HPT and heat treated at 600 °C for 30 min microstructure
including (a) ACOM texture map, (b) ACOM phase map indexing the FCC matrix phase and B2
precipitates, (c) elliptical fit grain size distribution of the matrix FCC phase, and (d) elliptical fit

grain size distribution of the precipitate B2 phase.

To elucidate the chemical composition of the two phases present in the material after PDA
treatment at 600 °C for 30 minutes, STEM EDS mapping was utilized as shown in Figure 25 (a).
The elemental maps of STEM EDS show a significant enrichment of Fe and Co to the B2
secondary phase. A majority of the FCC phase exhibits a uniform chemistry near the bulk designed
composition of the CozsCuioFe27MnioNiz7 at.% HEA with the exception of fine nano-sized
domains of Cu segregation. These Cu-rich domains occur throughout the FCC phase as indexed
by ACOM. Point analysis of the chemical composition from STEM EDS of the Cu-rich domains,

produces a local composition of 23.6 + 2.8 Co, 22.6 + 3.5 Cu, 22.5 + 3.1 Fe, 8.1 + 1.3 Mn, and
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23.2 + 2.6 Ni at.%. Since the CALPHAD predictions of this HEA predicts only the major FCC
and B2 phase are stable at equilibrium at 600 °C, the point analysis of the major FCC phase as
well as the B2 phase are plotted against the predicted composition of the two phases from
CALPHAD in Figure 25 (b) and (c). From this comparison of the experimentally measured
composition and CALPHAD prediction, the composition of both the major FCC phase and minor
B2 phase after PDA treatment at 600 °C for 30 minutes are in good agreement with the

compositions predicted for this HEA at equilibrium at 600 °C.
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Figure 25. (a) STEM EDS compositional map the HPT and heat treated at 600 °C for 30 min
microstructure, and a comparison of phase composition experimentally measured from STEM
EDS of the HPT and heat treated at 600 °C for 30 min sample to the predicted composition from
equilibrium CALPHAD calculations for the alloy at 600 °C for (b) the matrix FCC phase, and (c)
the B2 phase.
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4.3.4. Tensile properties

To assess the mechanical properties of the samples after HPT and PDA treatment, several
tensile tests were conducted for each sample. Representative engineering stress-strain curves of

the as-HPT, HPT and PDA treated at 600 °C for 30 minutes, and HPT and PDA treated at 1000

°C for 30 minutes samples are presented in Figure 26 (a).
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Figure 26. (a) Engineering stress-strain curves representative of the as-HPT sample, the HPT
and heat treated at 600 °C for 30 min sample, and the HPT and heat treated at 1000 °C for 30
min sample; (b) fracture surface of the as-HPT sample exhibiting regions of ductile cup and cone
topology and regions of cleaved fracture; (c) fracture surface of the HPT and heat treated at 600

°C for 30 min sample exhibiting finer cup and cone topology; (d) fracture surface of the HPT and
heat treated at 1000 °C for 30 min sample exhibiting coarse uniform cup and cone topology.

Quantified measurements from these stress-strain curves and fracture analysis are
presented in Table 3. The as-HPT material possesses a high yield strength of 1.38 GPa and a peak
ultimate tensile strength (UTS) of 1.63 GPa. The as-HPT sample has significant strain at failure
over 0.10 mm/mm with a relatively large area reduction of 35%. Figure 26 (b) contains a SE

micrograph capturing the fracture surface of the as-HPT material, which exhibits a mixture of
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regions of cup and cone topology and regions of cleaved topology. After PDA treatment at 600 °C
for 30 minutes, the material achieves a higher yield strength and UTS as compared to the as-HPT
material at 1.52 GPa and 1.70 GPa respectively. The material has reduced but appreciable strain
at failure of 0.04 mm/mm and effectively 0% area reduction at the fracture surface. Figure 26 (c)
presents the SE micrograph of the fracture surface from the material PDA treated at 600 °C for 30
minutes with a uniform cup and cone topology that is finer than the sample regions in the as-HPT
material. Finally, after PDA treatment at 1000 °C for 30 minutes, the mechanical properties of the
material are significantly different than the other two material states. The yield strength and UTS
of the material after the higher temperature PDA treatment, decreased to 200 MPa and 500 MPa
respectively and the strain at failure increased to 0.478 mm/mm with 81.5% area reduction at the
fracture surface. The fracture surface of this material is captured in the SE micrograph of Figure
26 (d). The cup and cone topology of the fracture surface is significantly coarser than the other
two material states. The mechanical properties are markedly different at each material state with a
trend of high strength and minimal plasticity in the as-HPT state, hardening and embrittlement
after lower temperature PDA treatments, and extreme softening after higher temperature PDA

treatments.
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Table 3. Mechanical properties of the as-HPT sample, the HPT and heat treated at 600 °C for 30
min sample, and the HPT and heat treated at 1000 °C for 30 min sample measured from the
engineering stress-strain curves in Figure 26.

Ultimate

Elastic Yield Tensile Strainat  Strain at Area
Sample Modulus  Strength Strength UTS failure Reduction
0,
[GPa] [MPa] [MPa] [mm/mm]  [mm/mm] [%]
As-HPT 127 1380 1630 0.05 0.13 35
HPT + HT
600 °C 163 1520 1700 0.02 0.04 ~0
30 min
HPT + HT
1000 °C 102 200 500 0.435 0.478 81.5
30 min

4.4. Discussion
4.4.1. Phase stability

The step diagram of the Co2sCui0Fe27MnioNiz7 at.% HEA reveals two primary findings.
First, it suggests that this non-equiatomic HEA exhibits a similar phase stability as other FCC
based HEAs that possess a single FCC phase window at elevated temperatures near the melting
point. Second, the results also predict the presence of a precipitation window at intermediate
temperatures where secondary phases will form at equilibrium with the FCC matrix phase [64,75].
The resulting microstructure of the as-homogenized material in Figure 20 confirms the stability of
the single FCC phase at high temperatures. This single FCC phase was maintained through the
HPT process with no indication of a metastable deformation induced transformation occurring in
this composition, which has been reported in other FCC based HEAs [76,77]. Comparisons
between the CALPHAD step diagram and DSC thermal analysis of the nanocrystalline material

exhibit good agreement and serve as an effective technique to investigating phase stability in
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HEAs. For both the coarse grain as-homogenized and nano crystalline as-HPT samples, the
melting events measured through DSC occur over generally the same temperature range as
predicted by CALPHAD. Identifying not only the melting point but also the melting range for a
given FCC HEA is important for understanding material properties as well and processability,
including castability [78]. The importance of the starting microstructure in DSC thermal analysis
is clear when comparing both the coarse grained and nanocrystalline samples in Figure 22 (b).
Often in HEA research, studies will conduct DSC analysis on as-cast or coarse grained
homogenized samples of the investigated composition, from which the thermal analysis reveals
few thermal events related to diffusion limited phase transformations in the solid state [42,79].
When comparing samples of the Co26CuioFe27Mn1oNizz at.% HEA with significantly different
grain sizes, relatively small fluctuations exist in the nano crystalline sample that are not present in
the coarse grained sample. The difference in these samples is attributable to the role of grain
boundaries in phase decomposition. In a nanocrystalline material, a high volume of the material is
occupied by grain boundaries which act as fast diffusion pathways and preferential nucleation sites
for secondary phase due to their relatively high energy landscape compared to the grain interior
[63]. Due to the presence of this high volume of grain boundaries, when heated at the same nominal
rate, in this study 10 °C/min, the nanocrystalline sample will exhibit more precipitation events than
a coarse grain sample, which results in a higher intensity of the DSC signal from a given solid state
phase transformation. Considering this role of starting microstructure in the resolution of DSC
thermal analysis is critical to the entire field of HEA research when implementing the technique

to investigate phase stability.

The resulting microstructures after PDA treatment at 600 °C and 1000 °C support the

hypothesis made regarding the identity of the solid state thermal fluctuations of DSC observed in
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the nanocrystalline as-HPT sample. Based on the step diagram in Figure 22 (a), the lower
temperature fluctuations that peak at 668 °C are expected to correspond to the precipitation of the
B2 phase that is predicted to be stable to 630 °C, while the broad fluctuation from 793 °C to 988
°C peaking at 893 °C is attributed to the dissolution of the B2 phase. After PDA treatment of the
HPT sample at 600 °C for 30 minutes, the microstructure possesses a significant volume fraction
of B2 precipitates that have similar character to the phase predicted by CALPHAD. CALPHAD
calculations at 600 °C predict the B2 phase accounts for 13.1% of the microstructure and
experimentally from ACOM analysis, after 30 minutes at 600 °C the microstructure is approaching
that equilibrium volume fraction at 8.8%. Additionally, as plotted in Figure 25 (b) and (c) the
experimental composition of the B2 phase, as well as the matrix FCC, are in good agreement with
those predicted from CALPHAD. One aspect of the microstructure that was not well predicted by
CALPHAD is the segregation of Cu in the FCC matrix phase after PDA treatment at 600 °C for
30 minutes. It is unclear whether the Cu segregation is an artifact of incomplete equilibration of
local chemistry after the formation of the B2 phase or if the stability of the Cu-rich FCC phase is
underpredicted in this composition. The Cu-rich FCC phase of the equiatomic CoCuFeMnNi alloy
was also found to form at temperatures higher than what CALPHAD predicts, which is consistent
with the results reported here [64]. While it is evident that the B2 phase does in fact form during
the temperature range that exhibits the thermal fluctuations in DSC, the identity of each fluctuation
is not clear at this point. It is speculated that the series of fluctuations at lower temperatures could
relate to specific events such as the diffusion of specific constituents and nuclei formation prior to
the phase transformation. The identification of these events by in situ TEM is the subject of future
work. After PDA treatment of the HPT sample at 1000 °C for 30 minutes, no B2 phase is present

within the microstructure which supports the identification of the second broad fluctuation as a
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dissolution event. The phase stability predicted from the CALPHAD step diagram for the
Co26CuzoFe27MnoNio7 at.% HEA presented in Figure 22 (a) is validated by microstructural
observations and demonstrates the effectiveness of DSC thermal analysis in probing HEA phase

stability with an appropriate starting microstructure.

4.4.2. Mechanical behavior

The elevated strength of the Co2sCuioFe2zMnioNiz7 at.% HEA after HPT is characteristic of
FCC metals and HEAs that undergo grain refinement during severe plastic deformation and can
be attributed in part to the well-established concept of Hall Petch strengthening [80]. But by
tracking the changes in mechanical behavior between the three samples reported in Figure 26 and
Table 3, the role of phase decomposition, particularly B2 precipitation, on the mechanical behavior
can be elucidated. The as-HPT sample exhibits significant strain at failure and an area reduction
of 35% which is indicative of neck formation during deformation that is enabled in nanocrystalline
metals by dislocation accommodation as well as grain rotation in the FCC matrix [81]. The as-
HPT and PDA treated at 600 °C for 30 minutes sample possess grain sizes on the same order of
magnitude, meaning the variations to mechanical behavior between the samples is largely a result
of B2 precipitates present after heat treatment as opposed to Hall-Petch softening. The B2
precipitates, which are close in size distribution to the FCC grains in the heat treated sample,
contribute a composite strengthening to the overall material. From the tensile behavior, the yield
strength and UTS increase with the aggregate addition of B2 precipitates as well as an increase to
the stiffness as determined by the calculation of elastic modulus in Table 3. B2 secondary phases
are often found to promote strength in FCC matrices due to their BCC crystal structure, which
possess less dislocation slip systems than FCC crystals as well as their ordered nature, which can

limit dislocation mobility [82]. While the strength increases, the B2 phase leads to significant
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embrittlement based on the analysis of the fracture surface and the calculated area reduction of
effectively 0%. Along with their inability to accommodate dislocation as FCC crystals do, the
distribution of B2 precipitates throughout the material may limit the ability of FCC grains to rotate
during deformation, which minimizes the necking ability for the nanocrystalline material. It is
possible that further refinement of the PDA treatment parameters can optimize the size and
distribution of B2 precipitates to improve the strength ductility balance, but the primary objective
of this study was to identify the role of phase decomposition in the nanocrystalline microstructure

of the HEA.

4.5. Summary
The phase decomposition of a nanocrystalline Co26CuioFe27Mn1oNiz7 at.% HEA was assessed

by DSC thermal analysis and validated CALPHAD thermodynamic predictions of phase stability.

The contributions of secondary phase precipitation on the mechanical behavior was determined by

tensile tests. The following are key takeaways from this study:

1. The Co26CuioFe27MnioNiz7 at.% HEA exhibits a major FCC matrix phase and secondary phase
formation of a Fe-Co rich B2 phase and Cu-rich FCC phase at intermediate temperatures.

2. The reduction of Cu and Mn in this equiatomic composition reduces the amount of Cu-rich
FCC phase formation as compared to the equiatomic composition, leading to enhanced stability
of the B2 phase.

3. CALPHAD predictions of the composition and volume fraction of the FCC matrix and B2
precipitate in the non-equiatomic composition are validated by experimental observations,

with the exception of CALPHAD underpredicting the stability of the Cu-rich FCC.
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4. DSC thermal analysis of the nanocrystalline material reveals fluctuations related to the
precipitation and dissolution of secondary phases that is not observable in the coarse grain as-
homogenized material.

5. The addition of the B2 phase to the nanocrystalline microstructure of HEA leads to an
appreciable increase in stiffness and strength while inhibiting necking as compared to the

single FCC phase in the as-HPT sample.
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Chapter 5 : CALPHAD aided prediction of phase stability in the AIMoNbTiZr refractory
high entropy alloy system

5.1. Background

Thus far, this dissertation research is focused on the CoCuFeMnNi HEA system which
allowed for the investigation of critical aspects of HEA phase stability including the influence of
processing, compositional variation and interfaces. This study aims to apply the methodology
established above to develop multi-phase microstructures in a refractory HEA. Refractory high
entropy alloys (RHEAS) are a subset of HEAS, also known as high entropy alloys, that demonstrate
exceptional high strength at temperatures above 1000 °C [16,18,68,83]. Understanding the
mechanisms that result in these properties as well as the role of each constituent element in a given
RHEA system is critical to the development of these materials for high temperature structural
applications. Recent work has established the tendency for RHEASs, that exhibit single BCC
structure, with lower valence electron concentrations (VEC) to achieve a more ductile deformation
behavior while higher VEC was more likely to deform in a brittle mode [84]. A proposed method
for improving the high temperature strength of RHEAs is to develop an alloy with two BCC solid
solution phases, one inherently ductile and the other brittle, that can be engineered in such a way
that the microstructure consists of a network of the ductile BCC with reinforcing particles of the
brittle BCC to strengthen the alloy, which is similar to that in eutectic HEAs [85,86]. Identifying
a candidate RHEA system that would achieve such a microstructural concept, requires an effective
method for predicting the phase stability in RHEAs. The CALculated PHAse Diagram
(CALPHAD) method is a promising prediction tool to explore this space and identify compositions
possessing target microstructures [5,65,66]. Due to the uncertainty in current CALPHAD
predictions, it is important to validate this method in such complex compositional space with

experiment. This study focuses on the CALPHAD guided addition of Al to the equiatomic
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MoNbTiZr base alloy in order to establish the feasibility of CALPHAD to predict the phase
stability of RHEAs, identify RHEA microstructures with minimal deleterious intermetallic

formation, and assess the mechanical behavior of solid solution RHEAs.

5.2. Experimental methods

CALPHAD calculations were conducted using ThermoCalc’s TCHEAS3 database [6]. The
fraction of assessed ternaries (FAT) for the system investigated is 0.33, which is a significant figure
of merit established in recent research [68]. Three compositions within the AIMoNbTiZr system
were synthesized by arc-melting a mixture of high-purity raw materials under an argon
atmosphere. In order to ensure homogeneity, each ingot was flipped and re-melted for at least 5
times. Samples from the cast buttons were produced by electric discharge machining. Two batches
of the three RHEAS were made due to compositional deviations in the first batch as reported in the
following sections. Detailed chemical analysis for the first batch was conducted using direct
current plasma emission spectroscopy (DCPES) by the independent analytical testing laboratory
Luvak Laboratories, Inc. All DCPES analysis was conducted to ASTM E1097: standard guide
for determination of various elements by direct current plasma atomic emission spectrometry. Heat
treatments were conducted on samples at 1500 °C for 12 hr in an argon environment followed by
an oil quench. Surfaces of all samples were polished by mechanical polishing ending with a final
alumina vibratory polishing. The microstructure of both the as-cast and heat-treated samples were
characterized using a Rigaku X-ray diffractometer (XRD) (Cu Ko radiation) and a Field-emission
SEM (FEI Quanta3D) equipped with Oxford Instruments EDS and EBSD detectors. For the second
batch of samples, two cylindrical micro-pillars with a diameter of ~ 3 um and a height of ~6 um
were fabricated for each alloy from the polished surfaces using focused ion beam (FIB). In-situ

micro-pillar compression was performed at room temperature using a P185 Picoindenter (Bruker
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Inc.), equipped with a 20 pum-diameter flat-top conical tip inside the SEM. In-situ mechanical
testing was conducted under displacement control mode at a displacement rate of 10 nm/s,

corresponding to a nominal strain rate of 1.6 x 10 3 s,

5.3. Results and discussion
5.3.1. CALPHAD prediction of the AIMoNbTIiZr system

The base alloy considered in this study is the equiatomic composition of MoNbTiZr. The
addition of Mo to the previously studied equiatomic composition of NbTiZr [87] is hypothesized
to promote the formation of a secondary BCC phase, enriched in Ti and Zr, that may possess a
lower VEC than the primary BCC, which is now enriched in Mo and Nb. CALPHAD predictions
of MoNDbTiZr confirm this hypothesis be predicting an elevation of the solvus temperature of the
secondary BCC. However, a systematic study of additional alloying elements was conducted to
identify which would further enhance the stability of the secondary BCC. Miedema’s model to
calculate the change in mixing enthalpy of two dissimilar elements is used as a metric for the
affinity of a given element with the other constituents [39]. These values of mixing enthalpy along
with the metallic radius of each element are reported in Table 4. Al was identified as a promising

additional alloying element due to its low mixing enthalpy with Ti and Zr.
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Table 4. Values of mixing enthalpy AHmix [kJ/mol] calculated by Miedema’s model for atomic
pairs between all constituent elements in the AIMoNbTiZr RHEA system and the atomic radius
of each element.

AHpix [kd/mol] Al Mo Nb Ti Zr
Al X -5 -18 -30 -44
Mo X -6 -4 -6
Nb X 2 6
Ti X 0
Zr X

Atomic radius [pm] 143 139 146 147 160

Figure 27 (a) presents the CALPHAD generated equilibrium isopleth diagram, which maps
stable phases over a range of temperatures as a function of increasing Al content from MoNbTiZr
to AIMoNbTiZr. From this isopleth diagram, a region of single BCC is present at low amount of
Al, that represents a potential solutionizing window to achieve a single BCC, labeled BCC1. As
Al content increases the stability of BCC2 increases, evident from the positive slope of the green
phase line, to a critical concentration of Al at 8 at.% at which the single BCC window is not present.
Based on this predicted phase diagram, the addition of Al should promote the secondary phase and
segregate to that phase. Another important observation from the isopleth diagram is that as the
concentration of Al increases, additional intermetallic phases become stable at elevated
temperatures meaning they have a high probability of forming during synthesis and processing at

conventional cooling rates. These phases are predicted to be enriched in Al and Zr and exhibit
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crystal structures that are generally associated with phases deleterious to the mechanical properties
of the alloy due to stress concentration. Accordingly, three compositions were selected to
experimentally form and analyze to validate these predictions: equiatomic MoNbTiZr,
Als(MoNbTiZr)ges at.%, and Als(MoNbTiZr)e, at.%. The equilibrium step diagrams of these three
alloys are plotted in Figure 27 (b-d). The three step diagrams show the expected result of increasing
Al on the phase formation in these alloys, specifically the increase in stability of the secondary
BCC as well as the possible formation of intermetallic phases. These three plots will be compared
to the experimental characterization of the three alloys in order to validate the CALPHAD method

in terms of the actual composition of the RHEAs.
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Figure 27. Thermodynamic calculations by the CALPHAD method including (a) an equilibrium
isopleth diagram mapping stable phases at a range of temperatures as a function of the addition
of Al to the equiatomic MoNbTiZr composition and equilibrium step diagrams plotting the
amount of stable phases as a function of temperature for the three compositions studied: (b)
equiatomic MoNbTiZr, (c) Ala(MoNbTiZr)ee at.%, and (d) Als(MoNbTiZr)g, at.%.

5.3.2. First batch compositional deviation and CALPHAD validation

The first batch of candidate alloys systematically deviate from the target composition but
offered the opportunity to further validate the application of CALPHAD analysis to the
AIMoNDbTiZr RHEA system with these experimental results. Table 5 presents the experimental
composition of the three materials synthesized in the first batch determined by DCPES. Compared
to the target composition all three alloys contain a higher concentration of Mo, but the Al content

is generally on target and the ratio of the other constituents is relatively uniform. Oxygen content
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in the alloys is below 0.5 at.%, which is low enough to not influence phase formation in the alloy.
Recent studies show O has a significant influence on phase formation and mechanical behavior in
higher concentrations near 2 at.% [88]. It was eventually determined that the calculation of
feedstock material was incorrect and accounted for the Mo enrichment in the first batch of alloys.
Nevertheless, the synthesized alloys with detailed chemical analysis offer an additional dataset to
validate CALPHAD predictions within the AIMoNbTiZr system. To accomplish this, CALPHAD
predictions were recalculated using the exact experimental composition for each alloy accounting

for the enriched ratio of Mo with the other constituents.

Table 5. Detailed compositional analysis of the first batch of candidate alloys using DCPES.

Trace Metals

First Batch Al Mo Nb Ti Zr o) (Hf, Cu, W, Fe)
Target MoNbTiZrat.% 0 25 25 25 25 0 0
Exp. MoNbTiZrat% O 30.4 22.7 23.6 225 04 04
Target Als(MoNbTiZr)es at.% 4 24 24 24 24 0 0
Exp. Als(MoNDbTiZr)es at.% 4.3 30.1 21.8 23.1 222 03 0.3
Target Als(MoNbTiZr)s; at.% 8 23 23 23 22 0 0
Exp. Als(MONbTiZr)ezat.% 9.8 296 214 222 220 04 0.4

The recalculated CALPHAD results specific to the experimentally measured compositions

are presented in Figure 28. Based on these results, the deviation in the composition of these alloys
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by Mo enrichment is predicted to shift the stability of the phases present in the target compositions.
Comparing the isopleth calculated for the target compositions and the isopleth of the first batch
compositions in Figure 27 (a) and Figure 28 (a), respectively, both exhibit the same high
temperature window where a single BCC phase is stable at lower concentrations of Al, along with
a region of two BCC phases stable at lower temperatures. For the first batch of alloys, CALPHAD
predicts the single BCC window ends near 5 at.% compared to 8 at.% for the target. The step
diagrams for each of the three samples made in the first batch found in Figure 28 (b-d) demonstrate
how the amount of each phase may deviate from the target. At temperatures where both the BCC
phases are present, the high temperature BCC 1 phase is now predicted to be a major phase at
equilibrium for all three compositions. This ratio contrasts the target compositions, which
exhibited a more equal ratio of the two BCC phases. This change in phase fraction is expected
when considering the uniform deviation in the composition of the first batch of alloys to Mo-rich
compositions. The high temperature BCC phase predicted by CALPHAD contains the higher
melting point elements, so as the amount of Mo is increased this BCC phase becomes a high
fraction of the stable phases at equilibrium. Another critical difference between the prediction of
the first batch compared to the target compositions is the increased stability of intermetallic phases
specifically the laves phase. As previously stated, the design goal of the target compositions was
to avoid deleterious intermetallic phases, so the compositions created in the first batch no longer
fit this requirement, but the characterization of these microstructures can offer additional validation
to the CALPHAD predictions in the AIMoNDbTiZr RHEA system. For the three alloys prepared in
the first batch, the as-cast microstructures as well as the microstructures after high temperature
heat treatments followed by oil quench are characterized in an attempt to validate the CALPHAD

predictions of Figure 28.
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Figure 28. (a) Equilibrium isopleth diagram mapping stable phases at a range of temperatures as
a function of the addition of Al to the experimentally determined MoNbTiZr non-equiatomic
composition and equilibrium step diagrams plotting the amount of stable phases as a function of
temperature for the three compositions formed in the first batch: (b) with no Al, (c) with 4.3 at.%
Al, and (d) with 9.8 at.% Al.

Figure 29 presents the microstructural characterization of the alloy with no Al in the as-
cast state as well as after heat treatment at 1300 °C for 10 hours and an oil quench, which based
on the step diagram for this composition in Figure 28 (b) should be within the single BCC region
of phase stability. From the XRD in Figure 29 (a), an appreciable left shoulder is present at lower
angles with doublets forming at higher angles in the as-cast state indicates the presence of both
BCC phases with no additional intermetallic peaks. SEM EDS in Figure 29 (b) confirms the

presence of Mo-rich BCC1 dendrites in the microstructure and the Zr-rich BCC2 present in the
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interdendritic region. After ten hours at 1300 °C, the homogenization process has begun but is not
complete. Figure 29 (c) shows remaining segregation of Mo and Zr while the overall
microstructure has coarsened significantly with fine Mo-rich regions corresponding to the previous
dendrite cores, a majority possessing a more uniform distribution of the elements in the space
between dendrite and interdendritic regions, and fine Zr-rich regions that correspond to the
previous interdendritic region cores. The XRD pattern of the heat treated material in Figure 29 (a)
shows a single set of BCC peaks but still exhibiting shoulders on the left side of each peak
indicative of a remaining minor secondary BCC. It is expected that conducting the heat treatment
at 1300 °C for more than ten hours will lead to a complete homogenization of the microstructure
to a single BCC phase as predicted by CALPHAD. Overall, these observations serve to validate
the prediction of two distinct BCC phases with no appreciable intermetallic phases after casting,
and the possible presence of a single phase region at elevated temperature for this composition

within the AIMoNbTiZr RHEA system.
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Figure 29. Microstructural analysis of the alloy with no Al from the first batch (a) XRD patterns
for the as-cast state and after heat treatment at 1300 °C for 10 hours, (b) SEM EDS mapping of
the as-cast state, and (c) SEM EDS mapping of the heat treated state.
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The microstructural analysis of the first batch alloy containing 4.3 at.% Al provides further
validation of the CALPHAD predictions. The XRD pattern of Figure 30 (a) for the as-cast state
has clear doublets at each peak, meaning two distinct BCC phases are present. Figure 30 (b)

presents a clear dendritic microstructure in the as-cast state with again Mo-rich BCC 1 dendrites
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and Zr-rich BCC 2 interdendritic regions. From the elemental maps of SEM EDS, the segregation
of Al to the Zr-rich BCC is also confirmed for the first time in this AIMoNbTiZr RHEA system.
The predicted proportions of each BCC phase can also be confirmed by further examination of the
XRD pattern for the as-cast state. The doublets for each BCC peak exhibit a lower intensity peak
at lower two-theta values and a higher intensity peak at high two-theta values. Since Zr possess
the largest metallic radii of the five constituents at 160 pm, see Table 4, the Zr-rich BCC will have
a larger lattice parameter and in turn produce XRD peaks at lower two-theta values. With the
understanding that the lower two-theta peaks correspond to BCC 2 while the higher angle peaks
correspond to BCC 1, the relative intensities of the two patterns validates the prediction that BCC
1 will be the major phase in this composition. Heat treatment of this alloy was conducted at 1500
°C, which is predicted to be within the narrow single BCC phase window in Figure 28 (c). The
XRD pattern for the heat treated material, presented in Figure 30 (a), shows a single BCC pattern
with relatively symmetric narrow peaks. SEM EDS confirms this homogenization to a single BCC
with equiaxed grains and uniform distribution of all constituent elements. While heat treatment of
the alloy with no Al at 1300 °C did not completely homogenize the material, heat treatment at
1500 °C successfully homogenized the alloy with 4.3 at.% after ten hours due to the fact that the
heat treatment temperature is closer to the melting point of the alloy and enhances the kinetics of
diffusion. The observations of the first batch alloy containing 4.3 at.% Al confirmed the dual BCC
stability, the segregation of Al to the Zr-rich phase, as well as the single BCC window at high

temperature.
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Figure 30. Microstructural analysis of the alloy with 4.3 at.% Al from the first batch (a) XRD
patterns for the as-cast state and after heat treatment at 1500 °C for 10 hours, (b) SEM EDS
mapping of the as-cast state, and (c) SEM EDS mapping of the heat treated state.

The first batch alloy containing 9.8 at.% Al exhibits a significantly different microstructure
than the two alloys with lower Al content, as is expected based on the CALPHAD predictions.
Figure 31 (a) shows the XRD pattern of the as-cast state containing major peaks corresponding to

the BCC phases with a left shoulder indicative of the two the elemental segregation between Mo
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and Zr as discussed previously. In addition to these BCC peaks, other minor peaks are present in
the XRD pattern. When investigating the microstructure by SEM EDS, in Figure 31 (b), the same
dendritic microstructure in the as-cast state is observed but with the addition of a needle like phase
in the interdendritic region. The identity of this intermetallic phase cannot be indexed by existing
XRD PDF files, since the phase most likely exhibits a solubility of each constituent that would
alter the lattice parameters from a reference pure binary intermetallic phase. Whether it is a laves
or Al-Zr rich intermetallic, those phases are predicted to be stable at high temperatures above 1000
°C as seen in Figure 28 (d) which means they could possibly form in the material by casting. After
heat treatment at 1500 °C for 10 hours the material exhibits a single BCC pattern in XRD, Figure
31 (a), but still possess a small volume fraction of Zr regions in the microstructure as seen in the
SEM EDS of Figure 31 (c). The grains of the microstructure after heat treatment are highly
spherical with the Zr-rich regions between them, which is indicative of pre-melting occurring
during the heat treatment. When inspecting the step diagram for this alloy in Figure 28 (d) 1500
°C is near the initiation of melting. Moreover, the step diagram for this alloy does not exhibit a
region where a single BCC phase is stable which is validated by the remaining Zr-rich phase after

heat treatment.
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Figure 31. Microstructural analysis of the alloy with 9.8 at.% Al from the first batch (a) XRD
patterns for the as-cast state and after heat treatment at 1500 °C for 10 hours, (b) SEM EDS
mapping of the as-cast state, and (c) SEM EDS mapping of the heat treated state.

5.3.3. Phase formation and thermal stability in candidate compositions
From the arc-melted buttons of the second batch, with proper composition of feedstock

material, samples were prepared for characterization of the as-cast microstructure as well as heat

treated at 1500 °C to compare the high temperature phase equilibrium predicted by CALPHAD.
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Figure 32 (a) contains the XRD patterns of each composition synthesized in the as-cast state. Each
alloy exhibits peaks corresponding to a BCC crystal structure with broadness due to the presence
of two BCC phases with different lattice constants. No intermetallic phases are evident from XRD
in these as-cast samples. With the addition of Al, the separation of peaks, particularly at higher
two theta values, increase. This observation verifies that Al partitions to one of the two BCC phases
upon solidification. To identify which BCC phase Al partitions to, SEM EDS was utilized to map
the composition of each phase. Figure 32 (b-c) shows the EDS maps of equiatomic MoNbTiZr and
Alg(MoNDbTiZr)g, at.%. With no Al, the equiatomic composition of MoNbTiZr exhibits some
segregation, most evident from Mo enrichment in the dendritic regions and Zr to the interdendritic
region. With the addition of 8 at.% Al, the segregation is significantly increased, and Al is found
to segregate to the Zr-rich secondary BCC located at the interdendritic region. This trend was also
observed in the alloy containing 4 at.% Al. This observation validates the CALPHAD prediction

of Al stabilizing the secondary BCC.

)
g
o

\’ ‘ N
\ \ Yl T S
,”« as-cast Al (MoNbTiZr),, at%

200 pm:

=]
-
-

as-cast Al,(MoNbTiZr) . at%

Intensity [arb. units]

[ I N

e ke 0k e A S

as-cast equiatomic MoNbTiZr
T |

20 40 60 80 100
20 [deg.]

'
-

Figure 32. (a) X-ray diffraction patterns of the as-cast samples with increasing Al content
showing increasingly broad peaks corresponding to the convolution of two BCC patterns and
SEM EDS mapping of (b) MoNbTiZr sample in the as-cast state exhibiting slight chemical
segregation in the solidification structure and (c) Als(MoNbTiZr)g, at% sample in the as-cast
state exhibiting significant chemical segregation in the solidification structure.
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Another important component of the CALPHAD prediction was that these alloys, below 8
at.% Al, should homogenize to a single BCC phase at elevated temperature. To test these samples
were heat treated at 1500 °C for 12 hr followed by an oil quench to freeze in the high temperature
microstructure. The XRD patterns of the homogenized samples of each alloy are found in Figure
33 (a). Compared to the as-cast XRD patterns in Figure 32 (a), the peaks of the homogenized
samples are narrower indicative of the elimination of the dual BCC microstructure to form a single
BCC phase with no additional peaks corresponding intermetallic phases. Small doublets are
observable on some higher angle peaks, which are due to the high intensity of the Ko, peak. SEM
EDS of the heat-treated and oil-quenched samples confirmed the homogenization of the
microstructure of all three alloys. After heat treatment, each alloy possesses a single BCC
microstructure with large (~500 um diameter) equiaxed grains. The EDS mapping results for the
alloy containing 4 at.% Al after homogenization are presented in Figure 33 (b) as a representative

result of all three alloys.
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Figure 33. (a) X-ray diffraction patterns of the homogenized samples with increasing Al content
showing a single relatively narrow BCC pattern for each sample and (b) SEM EDS mapping of
Al4(MoNDbTiZr)96 at% sample after homogenization exhibiting equiaxed grains and uniform
chemistry.

Semi-quantitative compositional analysis of the three alloys from the second batch was
conducted after homogenization using SEM EDS and is presented in Table 6. While the

composition measured through SEM-EDS is not as accurate as the DCPES conducted for the first
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batch, the results show significantly better agreement between the target composition and the
experimental composition. Clearly the second batch does not have the enrichment of Mo that was
observed in the first batch. The formation of a single BCC phase after homogenization confirms
the predications from CALPHAD for the alloys with no Al and 4 at.% Al, but 8 at.% Al was not
expected to be homogenized to a single BCC at 1500 °C. As seen in Table 6 the alloy with 8 at.%
Al was measured to contain roughly 7 at.% Al. If this alloy is in fact depleted in Al, it would shift
to the left on the isopleth, Figure 27 (a), which would see a region at 1500 °C where it can achieve
a single BCC phase. Nevertheless, from this experimental characterization of the three materials,
the CALPHAD method for this alloy system is effective for predicting the phases present. These

findings motivate the future use of CALPHAD as a tool for the study of RHEAs.

Table 6. Semi-quantitative compositional analysis using SEM-EDS for the second batch of

RHEAs.
Second Batch Al Mo Nb Ti Zr
Target MoNbTIZr at.% 0 25 25 25 25
Exp. MoNbTiZr at.% 0 247104 275401 221401 25.7 0.7
Target Als(MoNbTiZr)es at.% 4 24 24 24 24

Exp. Als(MONbTiZr)ss at.% 3.8+0.1 234401 264201 215+01  25.020.2

Target Als(MoNbTiZr)g, at.% 8 23 23 23 23

Exp. Alg(MoNbTiZr)e; at.% 7 +1.3 222+16 254+£15 209104 245114
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5.3.4. Influence of Al content on mechanical behavior

It is important to establish the mechanical behavior of the homogenized single-phase state,
to study of effect of adding relatively low concentrations of Al to a disordered solid solution of
MoNbTiZr. Initial Vickers microhardness testing of the homogenized samples produced hardness
values of 512 +6 HV, 558 +5 HV, and 574 +9 HV for the equiatomic MoNbTiZr, Als(MoNbTiZr)gs
at.%, and Alg(MoNDbTiZr)y, at.%, respectively. The increase in hardness with increasing
concentration of Al is indicative of a solid solution strengthening mechanism as Al is introduced
in the disordered solid solution phase of MoNbTiZr. Since the grain size after homogenization
grew to roughly 500 pum, single grains were targeted to produce micropillars for compression tests.
EBSD was utilized to identify grains that had specific orientation such that the resulting loading
direction in the FIBed micro pillar would be along <110> in the BCC crystal, aligning slip planes
at a 45° angle in the pillar [89]. Figure 34 (a-b) presents a representative SEM micrograph of a
FIBed micro pillar and stress-strain curves for alloys tested. All alloys exhibited compressive yield
strengths at roughly 1500 MPa. The fluctuations observed in the yield strength for each single
crystal micropillar is most likely associated to the variability in the Schmid factor pillar to pillar
from deviation in the ideal orientation of the grain selected [90]. For the equiatomic MoNbTiZr
alloy, after yielding the alloy deforms uniformly with small stress drops associated with the
numerous slip traces observable in the postmortem pillar presented in Figure 34 (c). With the
addition of Al to MoNbTiZr, plastic flow becomes far more irregular with large scale stress
fluctuations. These differences in plastic flow were consistent across all three micropillar tests of
each alloy. From these observations, it is expected that the presence of Al in the BCC crystal

significantly changes the dislocation behavior.
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Figure 34. (a) Representative SEM micrograph of the <110> oriented single crystal micropillar
prior to testing, (b) compressive stress-strain curves for each alloy with intentional offset for
visibility, and (c) micrographs of the postmortem micropillars corresponding to the stress-strain
curves in (b) demonstrating clear formation of slip traces at 45° to the loading direction.

5.4. Summary

CALPHAD predictions within the AIMoNbTiZr RHEA system were validated based on
experimental assessments of two different batches of alloys with unique compositions. While the
alloys of the first batch are off target from the intended compositions, their microstructural
evolution from the as-cast state and after high temperature heat treatment enabled the validation
of additional CALPHAD predictions within the AIMoNbTiZr RHEA system. The presence of two

BCC phases was confirmed, one enriched in Mo and the other in Zr. Al was confirmed to segregate

to the Zr-rich phase. The single BCC region at high temperature was verified for the alloy with 4.3
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at.% Al. The presence of intermetallic phases in the alloy with 9.8 at.% Al is consistent with the
step diagram predicting phase stability. For the second batch that was closer to the target
compositions, increasing the concentration of Al from 0 at.% up to 7 at.% promoted the formation
of a secondary BCC, enriched in Al and Zr, in the as-cast condition. The stability of a single BCC
phase at high temperatures in compositions below 8 at.% Al was confirmed by homogenizations
followed by oil quench. Al addition in solid solution with the equiatomic ratio of Mo, Nb, Ti, and
Zr increases the hardness of the material and leads to significant variation in the softening of the

material during plastic flow.
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Chapter 6 : Conclusions
This work has demonstrated a systematic approach to the design and investigation of phase
stability in HEAs for structural applications. Based on foundational work in the field of HEAs,
critical understanding of phase decomposition in given HEA and its impact on mechanical
behavior is identified as an essential aspect of considering said alloy for application. To this end,
several studies of targeted HEA compositions were conducted to develop effective methodologies
to investigate phase stability and mechanical behavior in HEAs by coupling computational

thermodynamic modeling, using the CALPHAD approach, with experimental observations.

The first HEA selected was the equiatomic composition in the CoCuFeMnNi HEA system.
Through the detailed study of phase decomposition and how the reported secondary phases
influence mechanical behavior, a framework for systematic experimental observation with
retrospective CALPHAD analysis was established. Thermomechanical processing, followed by
systematic post deformation annealing treatments, revealed the formation of two distinct
secondary phases within the equiatomic FCC matrix phase. Low temperature annealing treatments
at 600 °C and below led to the nucleation of Fe-Co rich ordered B2 precipitates that contributed
precipitation hardening while sufficiently small in size, on the order of 140 nm in diameter. At
temperatures < 800 °C Cu segregation, due to its immiscibility with the other constituents,
eventually forms a Cu-rich disordered FCC phase that is determined to increase the yield strength
of the alloy while reducing the ductility, likely attributable to the presence of additional interfaces.
The composition of each phase was experimentally determined and compared to CALPHAD
predictions with good agreement. Some short comings of the CALPHAD predictions were

identified in the prediction of the Cu-rich disordered FCC phase.
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From the understanding of phase stability in the equiatomic composition of CoCuFeMnNi
gained by the first study, the next investigation focused on a unique non-equiatomic composition
in the CoCuFeMnNi system. Cu and Mn was reduced in the non-equiatomic composition of
Co26CuzoFe27MnyoNio7 at.% HEA to investigate the role of these elements on the mechanical
behavior. Processing both the equiatomic and non-equiatomic HEA by HPT enabled a comparative
study of the mechanical behavior of the equiatomic CoCuFeMnNi HEA with the non-equiatomic
Co26CuzoFe27Mn1oNiz7 at.% HEA in and nanocrystalline state and in a coarse grain state after high
temperature heat treatment at 1000 °C to maintain a single FCC phase. By experimentally forming
and processing by HPT the equiatomic composition of this alloy system along with a non-
equiatomic composition with reduced content of Cu and Mn, the differences in their behavior are
associated to the different contents of Cu and Mn. More twins were present in the non-equiatomic
composition, which could be associated with a lowered the stacking fault energy due to the
reduction of Cu and Mn. The equiatomic composition achieved higher strengths at both the as-
HPT state and the heat-treated state, demonstrating that Cu and Mn contribute to solid solution

strengthening due to their large atomic size compared to the other constituents.

After determining the prominent differences in the equiatomic and non-equiatomic
CoCuFeMnNi HEAs in the single phase state, the HPT processed non-equiatomic HEA was
further analyzed to elucidate the precise phase stability of this alloy at intermediate temperatures.
The non-equiatomic composition of CozsCuioFe27MnioNi27 at.% possesses a reduced concentration
of both Cu and Mn to minimize the amount of Cu-rich disordered FCC formation. To determine
the implications of this compositional change and the role of processing of the phase stability, the
material was processed by HPT to achieve a nanocrystalline face centered cubic (FCC) matrix.

DSC thermal analysis of the nanocrystalline sample identified two temperature points for post
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deformation heat treatments at 600 °C and 1000 °C. Characterization of the microstructure by
automated crystal orientation mapping (ACOM) determined the formation of Fe-Co rich B2
precipitates after heat treatment at 600 °C, while the heat treatment at 1000 °C maintained a single
FCC phase. The CALPHAD method correctly predicted the phase stability of the B2 phase as well
as the composition and volume fraction of each phase at 600 °C, with the exception of minor Cu
segregation within the FCC phase. The presence of the B2 phase increased the stiffness as well as
strength of the nanocrystalline HEA while simultaneously causing embrittlement. From this work,
DSC is established as an effective tool for experimentally screening for secondary phase formation

in HEAs, so long as the microstructure is sufficiently refined.

The final study of this dissertation again probes the phase stability and mechanical behavior
in HEAs but transitions from the 3d-transition metal based CoCuFeMnNi HEA system to a
refractory based AIMoNbTiZr HEA system. The CALPHAD approach predicted a specific phase
stability of a dual BCC microstructure with varying stability of secondary phases. To validate these
predictions targeted non-equiatomic compositions from this system were experimentally formed
by arc melting. Two batches were created, the first with incorrect Mo-rich compositions and the
second batch with an experimental composition closer to the target for each alloy. By recalculating
the CALPHAD predictions for these experimentally formed alloys in the first batch, both batches
were characterized in the as-cast state as well as heat treated to validate CALPHAD approach for
the AIMoNbTiZr HEA system. For the target alloys Al additions below 8 at.% enhanced the
formation of a secondary BCC upon solidification while maintaining a single-phase BCC region
at elevated temperatures. The hardness of the alloys increased with the increase of Al and
deformation behavior in single-crystal micropillar samples are markedly different with and without

Al. As a whole, this dissertation provides a synergistic framework of experiment and modeling to
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probe the phase stability and mechanical behavior of HEAs. This approach can be further enhanced

and applied to the entire field to accelerate the development of HEAs for structural applications.
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Chapter 7 : Recommendations for further research

This dissertation research makes significant headway for the field of HEAS, to better
understand the phase stability and mechanical behavior in HEAs as well as establish a more
nuanced approach to compositional design within the compositional space occupied by HEAs.
Critical findings from this work present key directions that are essential to the growth of the field.
These include the improvement of the CALPHAD approach for HEAs, augmentation of
mechanical property models to apply to HEA solid solution phases, and the expansion of interfacial
science within HEAs. While this is not a comprehensive list of directions for the field, these are

the most essential for the promotion of HEAS as viable engineering materials.

Based on the previous chapters, the CALPHAD approach, using the current HEA database
from ThermoCalc, is effective in determining features of a particular HEA composition or system.
Important aspects of a given composition were identified and validated with experiment including
solidus and liquidus temperatures, identity of the primary solid phase, identity of possible
secondary phases, and phase compositions. While these are informative for the design of an alloy,
more refined aspects of phase stability were consistently unreliable particularly the specification
of secondary phase solvus temperatures. To enhance the predictive power of the CALPHAD
approach for HEAs, the thermodynamic database must be improved. While companies such as
ThermoCalc have made great strides to produce databases applicable to the complex concentrated
compositional space of HEAs, many require additional data to be more universally applicable. A
combination of both theoretical and experimental analysis required to fill these gaps. This work
may come in the form of density functional theory DFT calculations of multicomponent systems
within the realm of HEAs, as well as experimental thermal analyses using calorimetry techniques

of experimentally prepared compositions with representative starting microstructures. With a more
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uniformly assessed compositional space the application of the CALPHAD approach with provide

further guidance to the design of HEAs.

In addition to thermodynamic modeling, the effective modeling of material properties
including strength is essential to HEA development. In chapter 3, the comparison of the equiatomic
CoCuFeMnNi HEA to the non-equiatomic composition Co2sCuioFe27MnioNi27 at.% established
the trend that reducing the concentration of Cu and Mn led to a reduction in the tensile strength
of the samples with similar yield strengths. While this trend eludes to the role of each constituent
element on the solid solution strengthening of the alloys, the precise strength associated to solid
solution strengthening in this alloy cannot be established using conventional solid solution
strengthening models [91,92]. Recently, novel models have been proposed by a variety of
researchers with varying accuracy and applicability to various subsets of HEAs [93-96]. Further
evolution of these models of solid solution strengthening and other properties models will enable

the application of integrated computational materials engineering (ICME) for HEAs.

The influence of interfaces on the phase stability in the nanocrystalline
Co26Cu10Fe27Mn1oNi27 at.% HEA presented in chapter 4, exposes the need for further development
of interfacial sciences in HEAs. Grain boundaries in the nanocrystalline HEA provided diffusion
pathways and preferential nucleation sites within the material during heat treatment at intermediate
temperature. The study found the intergranular precipitation of a B2 phase as well as segregation
of constituent elements namely Cu. This boundary dependent phase formation has led to a follow
up study currently underway to probe further the initiation of phase decomposition in this
nanocrystalline HEA using in situ TEM heating experiments coupled with ACOM mapping,
chemical mapping, and atom probe tomography (APT). Preliminary results have found specific

orientation relationships between matrix and precipitate phases as well as several unique
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compositions of grain boundary segregants. Beyond the CoCuFeMnNi system, investigating the

role of interfaces in the behavior of HEAs should be considered more in the field of HEAs.

HEAs and their design approach present a novel method to developing engineering
materials. While the understanding of these materials has grown immensely in recent years,
additional work is required to further integrate them as engineering materials. This includes the
expansion of databases used for CALPHAD, articulation of new property models applicable to the
complex concentrated phases present in HEAS, and the focus of interfacial science in HEAs.
Together these specific areas will accelerate the research of HEAs, promote the use of ICME

design, and create opportunities for applying HEAs to engineering applications.
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