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Abstract 

 
Additive Manufacturing of Metal-based Functionally Graded Materials 

 
by 
 

Ashley Reichardt 
 

Doctor of Philosophy in Nuclear Engineering 
 

University of California, Berkeley 
 

Associate Professor Peter Hosemann, Chair 
 

 
Over the last decade, critical advancements have allowed metal additive manufacturing to graduate 
from a mere prototyping tool to a full-scale manufacturing process. Substitution of load-bearing 
components with their lighter, stronger, and less expensive additively manufactured counterparts 
is already becoming commonplace in the aerospace, automotive, and energy industries. With 
qualification underway, research efforts can now be directed towards bringing the more 
revolutionary capabilities of additive manufacturing to fruition. One such area is the ability to 
incorporate multiple alloys within a single build to fabricate complex geometry functionally 
graded structures, thus eliminating the need for extraneous welds and joints. As it turns out, local 
tailoring of composition is within the means of commercial laser deposition systems. However, its 
implementation is wholeheartedly a materials problem, driven by the difficulty of establishing 
strong metallurgical bonds between incompatible alloys.  
 
This dissertation provides a comprehensive treatment of the subject, from initial consideration of 
its challenges, to the development of specific gradient components. Based on a review of advances 
in dissimilar metal welding and additive-based functional grading, a pragmatic approach is 
conceived of for developing individual gradients from start to finish. Incompatibilities between 
dissimilar alloys are generalized as brittle intermetallic formation, thermal property mismatch, and 
other metallurgical issues. Building upon the efforts of others, a series of strategies is then defined 
for exploiting the unique capabilities of additive manufacturing to overcome these. Among the 
most compelling is the use of multi-powder feeder laser deposition to carry out nonlinear paths in 
composition space that circumvent deleterious phases, as predicted by CALPHAD thermodynamic 
modeling. Also proposed is the elimination of sharp interfaces between alloys of mismatching 
properties using smooth compositional grading.  
 
Upon implementing these strategies in the course of this thesis, it quickly became clear that each 
gradient system still requires some level of independent development to address alloy-specific 
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concerns. In response, an approach is introduced that makes use of both modeling and 
experimental efforts to iteratively improve upon a given gradient design. Prototype gradients are 
fabricated with laser deposition and subjected to microstructural characterization to identify the 
critical issues that impact the gradient’s integrity. Thermodynamic modeling efforts are then 
directed towards identifying design modifications to overcome these issues. The process is 
repeated until successful, repeatable gradients are achieved.  
 
The latter part of the thesis is dedicated to demonstrating this approach in two distinct experimental 
case studies, concerning the development of gradients from  (1) titanium to stainless steel, and (2) 
maraging steel to austenitic stainless steel. In both cases, microstructural characterization proved 
to be instrumental in identifying the particular issues affecting the gradients, such that they could 
be addressed directly with modeling. For the case of joining titanium with steel, severe brittle 
intermetallic formation was identified as the primary cause of failure. Modeling was thus focused 
on predicting phase equilibria along the gradient, such to identify a nonlinear composition path 
free of intermetallic formation. The maraging to stainless steel gradients, by contrast, exhibited 
greater inherent chemical compatibility. Their development rather required close attention to the 
alloys’ impurity contents, hardening mechanisms, and microstructural features to determine a 
means of reducing undesirable secondary phases and defects. Critical analysis of the results for 
both gradients imparted a number of “lessons learned”, providing guidance for future development 
of this capability.   
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Chapter 1 
 

Introduction 
 
1.1   Motivation 
 
Metal-based functionally graded materials (FGMs) belong to a larger class of materials that 
achieve spatially varying properties through gradual changes in composition or structure. The 
concept of FGMs was first conceived of in the mid-1980s as a means to develop a thermal barrier 
coating capable of withstanding a 1000 °C temperature gradient over just 10 mm thickness [1]. 
With no single material capable of meeting these requirements, the solution was found in 
proposing a metal-ceramic FGM that combined the heat resistance of a refractory oxide ceramic 
with the good toughness of a metal. Only by joining the two with a smooth gradient could the 
coating exploit the properties of both materials while minimizing interfacial stresses. 
 
Since the term was coined, functional grading has largely been confined to creating metal-ceramic 
and composite gradients that have attracted broad interest in applications of aerospace, 
bioengineering, orthopedics, and electronics [2-4]. However, efforts to extend these principles to 
bulk metal-based components were until recently limited by a lack of suitable fabrication methods. 
Techniques commonly used to manufacture functionally graded ceramics, such as chemical and 
physical vapor deposition, are simply not capable of yielding fully dense metallic parts with near-
wrought properties. And while laser cladding allows for the deposition of dense and crack-free 
metals, it is also limited to thin surface coatings.  
 
In the last two decades, the principles of laser cladding have since been adapted to develop 
freeform laser-based additive manufacturing. The introduction of metal additive manufacturing 
has opened up the potential for generating bulk functionally graded metallic parts with true three-
dimensional tailoring of composition. For manufacturing, this is the holy grail of fabricating 
complex net-shaped parts with tight control over the local choice of alloy and thus properties, all 
in a single manufacturing step. The motivation for this capability continues to grow alongside the 
design of advanced alloys with specialized properties, particularly for applications with extreme 
service demands such as fossil fuel and nuclear energy facilities and aerospace structures. Alloys 
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with superior resistance to high temperatures, corrosion, or prolonged radiation exposure are 
increasingly called for, however their excessive cost or mass often precludes their use beyond 
where absolutely necessary. Significant cost and weight savings can be realized by simply 
substituting cheaper or lighter weight alloys wherever possible in a structure. Thus far, this has 
only been possible through the use of fasteners or welds, each of which impose their own design 
restrictions and vulnerabilities. Compositional grading accomplished with additive manufacturing 
is an attractive alternative that would eliminate the need for extraneous joints and welds in 
geometrically complex structures.  
 
This capability has in fact already been realized, and demonstrated on numerous occasions 
elsewhere in the literature [5-12]. Carrying out the fabrication itself is relatively simple, yet the 
majority of examples to date have culminated in cracked gradients unsuitable for use. The situation 
is in many ways analogous to welding, in which the inherent incompatibilities between different 
alloys make joining them with good metallurgical bonds a nontrivial exercise. What is lacking in 
the additive approach is the same dedicated consideration of the problem in the context of 
metallurgy as is commonly practiced in welding engineering. If a universal approach is to be 
established for additive-based compositional grading, it must address each alloy’s properties and 
physical metallurgy to identify what prevents them from being joined or graded together in a crack-
free part. Once these issues are generalized, strategies can then be conceived to overcome them 
with the unique capabilities afforded by additive manufacturing.  
 
1.2   Contribution to Nuclear Engineering 
 
As of 2017, nuclear power continues to account for nearly 20% of total electrical output in the 
United States [13]. Almost all of this energy is generated by light water reactors (LWRs) built 
between 1967 and 1990, with no more than four new units expected to enter service by 2021. With 
dependence on nuclear power as an emission-free energy source continuing to grow, the industry 
is approaching a critical juncture. As an interim measure, the Nuclear Regulatory Commission 
(NRC) has granted lifetime extensions to over 85 reactors allowing their operation to approach 60 
years, with even longer extensions under consideration[14]. Simultaneously, plans for next-
generation small modular reactors (SMRs) are under development by large companies and startups 
alike, including Westinghouse and NuScale [15].  
 
Both of these endeavors have stimulated interest in metal additive manufacturing as a means to 
prototype and produce complex nuclear-grade components [16-18]. If qualified for nuclear 
applications, additive manufacturing would enable the fabrication of difficult-to-procure 
components with unprecedented lead times, ensuring safe operation of the country’s aging reactor 
fleet. Earlier this year, Siemens announced the first use of an additively manufactured replacement 
part in a nuclear power plant, an impeller in a fire protection system pump which allowed the plant 
to continue operating to its full lifetime expectancy [19]. Westinghouse is soon to follow, with 
plans to install an additively manufactured 316L SS thimble plugging device in a commercial 
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reactor by the end of 2018 [18], a move which allowed the total number of parts for the component 
to be reduced from 30 to three. The U.S. Department of Energy (DOE) has also awarded research 
contracts to industry and academic players to develop the additive manufacturing of complex 
multi-material parts for use in LWRs, in an effort to reduce undesirable welds and post-processing 
steps [17]. Qualification and radiation testing of key alloys, including stainless steel and zirconium 
alloys, is currently underway to bring these advantages to fruition [18].  
 
The interest garnered by additive manufacturing is even greater in the context of newly designed 
reactors. The increased design freedom available has allowed for the re-envisioning of key reactor 
components, including fuel components and heat exchangers [20]. As licensing for new reactors 
is procured, additive manufacturing has also become an attractive option for reducing 
manufacturing costs and prototyping times. Additively manufactured casting molds for brackets, 
valves, and piping connections can reduce lead times from months to days [18]. However, the 
greatest motivation for developing additive manufacturing of nuclear-grade components stems 
from the extreme environments anticipated in many advanced reactors. In particular, molten salt-
cooled reactors pose unprecedented challenges for materials development that can no longer be 
satisfied with simple geometry, single-material components. The extreme and spatially varying 
temperatures, radiation doses, and corrosive environments expected for these designs call for a 
means to combine multiple materials into complex geometry structures without the need for 
excessive joints and welds. As demonstrated in this thesis, this capability is unique to layer-by-
layer additive manufacturing. If the long and arduous task of qualifying the process is to be carried 
out, it is more important than ever to invest in these high-reward capabilities. The contributions of 
this thesis towards the additive manufacturing of metal-based functionally graded materials is one 
of many steps to ensure that the full potential of additive manufacturing in the nuclear industry is 
reached.  
 
1.3   Research Objectives 
 
Research objectives of this thesis are both conceptual and experimental in nature. The primary 
objective is to: 
 

• Develop a pragmatic and well-researched approach to the successful additive 
manufacturing of compositionally graded metals, and demonstrate its application through 
a series of experimental case studies.  

 
In doing so, the following conceptual objectives will be addressed: 

1. Based on property data and welding literature, perform a full survey of possible 
composition gradients between commercial alloys, in order to catalogue and generalize the 
incompatibilities that compromise their joining.  

2. Define a series of strategies to overcome these issues enabled by the unique capabilities of 
additive manufacturing processes, particularly laser deposition. 
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3. Establish an interim approach for developing successful gradients based on iterative 
modeling and experimental efforts.   

 
The remaining objectives consist of demonstrating these concepts experimentally through the 
fabrication, microstructural characterization, and thermodynamic modeling of particular 
composition gradients. Included in the study are: 

1. Titanium alloy to stainless steel gradients, a case involving severe brittle intermetallic 
formation that must be overcome with nonlinear compositional grading. 

2. Maraging steel to austenitic stainless steel gradients, an example of grading together 
seemingly compatible alloys that nonetheless encounter subtle metallurgical issues.  

 
1.4   Outline of the Dissertation 
 
This thesis begins with a critical review of literature in Chapter 2, describing the full range of 
considerations necessary to undertake compositional grading with laser deposition additive 
manufacturing. The reader may find particular use in Section 2.3, which provides a concise 
treatment of laser deposition and its process-related challenges. Since laser deposition is still in 
the development and qualification stage, generalized descriptions of the process are a rarity. 
Chapter 3 then goes on to develop the overarching strategies and approach, as well as the specific 
experimental methods used in this study. Procedures for the fabrication of the gradients, 
microstructural characterization, and thermodynamic modeling are described in Sections 3.3 
through 3.5. Chapters 4 and 5 then present the results and discussion for the two experimental case 
studies explored: titanium alloys to stainless steel gradients, and maraging steel to stainless steel 
gradients. Finally, the thesis culminates in Chapter 6 with a discussion of broad conclusions, 
lessons learned, and recommendations for future work.  
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Chapter 2 
 

Literature Review 
 
The following review is a synthesis of multidisciplinary literature, spanning the practices of metal 
manufacturing, the principles of physical metallurgy, and the art of welding and joining. The 
chapter begins in Section 2.1 with a consideration of the applications and advancements that could 
be realized with metal-based functionally graded components. Methods for their manufacturing, 
including both conventional methods and laser deposition additive manufacturing, are then 
introduced in Section 2.2. 
 
Of course, such efforts would be futile without fully considering the complexities of laser 
deposition as a manufacturing process. Section 2.3 confronts this reality by providing a primer on 
laser deposition and its associated capabilities, limitations, and seemingly infinite degrees of 
freedom. Special attention is given to microstructural development in laser deposited parts, and 
how widely it can vary depending on an alloy’s physical metallurgy. However, at the heart of this 
review is Section 2.4, which outlines the impending challenges of using laser deposition to 
fabricate compositionally graded parts. Issues of alloy incompatibility are generalized and 
tabulated for pairs of common engineering alloys, serving as a guide for future forays into joining 
dissimilar metals with additive manufacturing.  
 
Finally, the weight of these challenges is illustrated in Section 2.5 through a review of all known 
previous work on additive manufacturing of compositionally graded metals. For each study, 
emphasis is placed on both methods and outcomes, and their context in the overarching paradigm 
presented in this thesis. In doing so, the stage is set for introducing strategies to overcome these 
challenges in Chapter 3.  
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2.1   Applications for Metal-based Functionally Graded Materials  
(FGMs) 

 
Should the technological and metallurgical challenges of functionally graded metals be overcome, 
the potential applications are untold. Among the most promising near-term applications is the 
replacement of problematic dissimilar metal welds (DMWs) with additively manufactured graded 
transition joints. In the nuclear and aerospace industries, failures related to joints and interfaces 
between dissimilar metals are rather frequent [21-23]. Existing joining processes typically produce 
sharp gradients in composition and properties that ultimately enhance failure mechanisms in 
service. Furthermore, designs are limited by the need to assemble thousands of individual parts 
composed of different materials in order to meet spatially varying service and cost requirements. 
Particularly in the case of low-volume, high complexity parts, incorporating functional grading 
with additive manufacturing presents an attractive alternative.  
 
In the nuclear energy industry, these cases most often concern ferritic-austenitic joints, which have 
been a major materials issue for decades. Coolant systems in light water reactors (LWRs) used to 
generate energy today require ferritic steel nozzles on the reactor pressure vessel (RPV) to be 
joined to austenitic stainless steel piping [21, 22]. However, the thermal expansion mismatch and 
compositional differences between ferritic and austenitic steels continue to present an issue for 
existing welding techniques [21]. A conventionally designed DMW for this application is 
represented in Figure 2-1(a), showing an A508 carbon steel RPV pipe nozzle joined to a 316L SS 
pipe using a nickel-based filler metal, Alloy 52M. The strategic use of buttering layers, nickel-
based weld metal, and post-weld heat treatments is necessary to help alleviate residual and thermal 
stresses. Nonetheless, the joints become prone to thermal sensitization and stress corrosion 
cracking in the reactor environment, and have been known to cause coolant leaks [24]. The 
potential benefits of introducing functional grading to this component can be seen in the schematic 
in Figure 2-1(b). Theoretically, the DMW could be replaced with a geometrically complex 
transition joint that is attached with a “similar” weld on either side. The smooth change in 
composition over the length of the part would act to eliminate the sharp interfaces that promote 
observed failure mechanisms. 
 
As advanced nuclear reactor designs are explored, the need for improving dissimilar metal joints 
has continued to grow. Prototypes of otherwise promising designs, such as the high temperature 
gas-cooled reactor (HTGR), are plagued by premature materials failures directly related to 
dissimilar metal weld interfaces [25]. HTGR steam generators experience much higher operating 
temperatures and thermal gradients than those of conventional reactors. These conditions are 
accommodated through joints between less expensive low alloy steels and higher creep and 
corrosion resistant austenitic alloys. Again, the sharp concentration and property gradients induce 
complex degradation mechanisms that cause failures well before expected in either base alloy. The 
extensive work of DuPont [26, 27] showed that these failures could largely be mitigated with the 
use of smoothly graded transition joints that have many steps in composition space.  
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(a)           (b) 

Figure 2-1: Cross sectional schematic of a conventionally designed dissimilar metal weld joining a 
carbon steel nozzle with austenitic stainless steel piping (a), drawn based on Figures 1 and 2 in [21], 

and (b) proposed design for replacing this joint with a functionally graded insert. 
 
 
Large scale needs for functional grading also appear in nuclear fusion applications. Tokomak 
fusion reactors (e.g. ITER) call for graded transitions between plasma-facing materials such as 
tungsten and the first-wall structures composed of ferritic-martensitic steel [28]. With current 
techniques for joining tungsten and steel limited by interfacial stresses and geometry [29, 30], 
compositional grading via additive manufacturing may be a suitable alternative.  
 
In the aerospace industry as well, dissimilar joints are crucial in order to optimize for strength, 
high temperature resistance, and weight reduction. This is particularly evident in the case of aircraft 
jet engines, where materials requirements vary significantly from the fan to the compressor, 
combustion chamber, and turbine. Nickel and cobalt superalloys are often used for components 
exposed to high temperatures, due to their unparalleled combination of high temperature strength, 
creep resistance, toughness, and resistance to corrosive and oxidizing environments. In locations 
subjected to relatively low temperatures (~ 600℃), weight savings are prioritized with lower 
density titanium and aluminum alloys. Steels have also been incorporated where possible to reduce 
costs. With complex designs and tens of thousands of parts requiring years to fabricate and 
assemble, jet engines have become a top candidate for the use of additive manufacturing [31]. The 
ability to incorporate multiple materials in a single structure with additive would even further cut 
down on manufacturing steps, assembly time, and total weight. Elimination of unnecessary welds 
and joints, smoother property gradients, and enhanced design freedom are additional benefits.  
 
Of course, the applications of functional grading extend well beyond the replacement of existing 
joints. Many potential applications have yet to be proposed due to this manufacturing capability 
remaining in its infancy and thus not yet trickling down to the design community. The possibilities 
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become apparent when comparing various types of engineering alloys and their respective 
properties, as shown in Table 2-1. Depending on composition and microstructure, commonly used 
alloys and metals vary quite widely in terms of strength, toughness, resistance to wear, corrosion, 
radiation, and high temperatures, magnetism, biocompatibility, thermal conductivity, and thermal 
expansion, among other properties. Selectively placing dissimilar alloys has long been a strategy 
for meeting spatially varying service demands. However, a lesser explored possibility is the use of 
functional grading to exploit these unique properties for the purpose of solving specific 
engineering issues, from reducing thermal stresses to eliminating magnetic interference.  
 
Examples of this approach are few and far between, however those which have been proposed are 
rather compelling. In an overview study of compositional grading using additive manufacturing, 
Hofmann, et al. [6] demonstrated an example of its use to reduce thermal stresses in spacecraft 
applications. The authors fabricated radially graded threaded inserts in which the material choice 
was dictated by the goal of obtaining a built-in gradient in coefficient of thermal expansion (CTE). 
Replacing the single-material inserts with compositionally graded inserts was shown to reduce the 
interfacial stresses between the low-CTE carbon fiber composite panels and the standard stainless 
steel bolts used. The same authors also prototyped a graded one-piece rocket nozzle transitioning 
from a low density titanium alloy to a higher melting temperature refractory metal, niobium [5]. 
One of the components characterized in this study also includes an additively manufactured part  
transitioning from a nonmagnetic to ferromagnetic alloy with the goal of reducing magnetic 
interference in instruments aboard robotic space missions, such as NASA’s Mars rovers [32].  
 
Outside the field of aerospace, a number of studies have also investigated the use of additive 
manufacturing to incorporate compositionally graded cooling channels into injection molds. 
Molds could be composed of tool steels in locations requiring good wear resistance and 
dimensional stability, while a higher thermal conductivity material such as copper could be 
incorporated into conformal cooling channels following the complex geometry of the mold [33, 
34].   
 
Finally, basic materials science can also benefit from compositional grading with additive 
manufacturing, as it presents a new method for combinatorial alloy design. Traditionally, 
optimization of an alloy’s composition was limited by the slow trial-and-error process of 
synthesizing and testing each possible composition separately. In the mid 1990s, this process was 
massively accelerated with the introduction of combinatorial methods, in which physical “material 
libraries” containing up to thousands of discrete compositions on a single surface are fabricated 
and evaluated using spatially-resolved testing methods [35]. The ability to mix feedstock powders 
in situ in laser deposition presents a similar capability, allowing one to rapidly generate bulk parts 
containing a full range of compositions [36]. Not only can this help identify new alloys for 
engineering applications, but it can also serve as a means to guide and validate computational 
models for additive manufacturing. The influence of additive manufacturing’s non-equilibrium  
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Table 2-1: Properties and applications of common engineering alloys considered  
for use in compositional grading with additive manufacturing. 

 

 
 
 
 

 
	

Favorable	
Properties	

Major		
Applications	

Selected		
Alloys	 TM	(°C)	

	

CTE	
Value		

(10-6/°C)	
Temp.	

range	(°C)	

titanium		

high	specific	strength,	
corrosion	resistance,	
biocompatibility	

aerospace	(airframe	and	jet	
engine	components),	
medical	implants	and	
prosthetics	

Ti-6Al-4V	 1605	–	1660		 8.6	 0	–	100	

austenitic	
stainless	steels	

good	strength	and	
ductility	at	high	and	low	
temperatures,	corrosion	
resistance,	creep	
resistance,	non-magnetic	

heat	exchangers,	tanks,	
exhaust	components,	
cryogenic	applications,	
nuclear	reactor	components	

304	SS	 1405	–	1448	 16.9	 0	–	100	

316	SS	 1392	–	1444	 16.0	 0	–	100	

martensitic	&	
precipitation	
hardening	
stainless	steels	

high	strength	and	
hardness	through	heat	
treatments,	wear	
resistance,	corrosion	
resistance,	magnetic	

valves	and	pumps,	
fasteners,	gears,	shafts,	
molds,	steam	and	gas	
turbine	blades,	aircraft	
landing	gear	

420	SS	 1455	–	1510	 10.2	 0	–	100	

17-4	PH	 1400	–	1440	 10.8	 21	–	93	

low	alloy	steels	

high	strength,	good	
toughness,	good	
formability	and	
weldability,	low	cost	

gears,	shafts,	oil	and	gas	
pipelines,	pressure	vessels,	
heat	exchangers,	
transportation	and	power	
structures		

4140	 1490	–	1500	 12.2	 0	–	100	

nickel	

heat	resistance,	
corrosion	resistance,	
alloy-specific	properties	
including	low-expansion,	
shape	memory,	and	
electrical	resistance	

aircraft	gas	turbine	engines,	
steam	turbines,	
reciprocating	engines,	
nuclear	reactors,	pressure	
vessels,	other	high	
temperature	applications	

Inconel	625	 1290	–	1350	 12.8	 20	–	100	

X-750	 1393	–	1427	 12.6	 20	–	100	

Invar	36	 1427	 1.3	 93	

aluminum	

high	specific	strength,	
excellent	corrosion	and	
oxidation	resistance,	high	
electrical	and	thermal	
conductivity	

aerospace	(airframe	
structures),	automotive	
components,	energy	
distribution,	marine	
transport	

2024	 502	–	638	 22.9	 20	–	100	

6061	 582	–	652	 23.6	 20	–	100	

cobalt	
superior	heat,	corrosion,	
and	wear	resistance,	
biocompatibility	

aircraft	gas	turbine	engines,	
medical	prosthetics	and	
orthopedics	

Co28Cr6Mo	 1350	–	1430	 13.6	 0	–	500	

copper	

excellent	electrical	and	
thermal	conductivity,	
corrosion	resistance,	
good	strength	and	
formability	

heat	exchangers,	electrical	
components,	cryogenic	
applications	

C70600		
(Cu-Ni	90/10)	

1100	–	1150	 17.1	 20	–	300	

magnesium	

low	density,	corrosion	
resistance,	good	high	
temperature	mechanical	
properties	

aircraft	engine	and	gearbox	
casings,	automotive	motor	
casings,	nuclear	reactor	fuel	
cladding	

AZ31B		 605	–	630	 26.0	 0	–	100	

zirconium	
excellent	corrosion	
resistance,	low	thermal	
neutron	absorption	

nuclear	fuel	cladding,	
chemical	processing	
equipment	

Zircaloy	4	 1752	–	1850	 6.0	 20	

refractory	
metals		

high	melting	points,	high	
temperature	mechanical	
stability,	creep	resistance	

aerospace	and	defense	
components,	nuclear	fusion	
plasma	facing	components,	
thermal	radiation	shielding	

Nb	 2469	 7.3	 20	
Mo	 2623	 4.8	 20	

W	 3422	 4.5	 20	
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processing conditions on alloy microstructure and properties remains poorly understood and 
weakly documented. Ideally, compositional grading could be used to generate new materials 
libraries specifically for additively processed materials. This endeavor will likely increase in 
importance as the field shifts towards the development of additive-specific alloys as well [37]. 
 
 
2.2   Methods for Fabricating FGMs 
 
2.2.1   Previous Methods 
 
Since the concept of functionally graded materials was first conceived, a variety of processing 
methods have been employed for their production. A more detailed comparison of these processes 
and their respective applications, advantages, and limitations can be found elsewhere [38, 39]. 
Among them, chemical and physical vapor deposition (CVD/PVD) and plasma spraying have 
found particular use in depositing functionally graded thermal barrier coatings [40-42]. However, 
the slow deposition rates make these techniques unsuitable for fabricating bulk components [43]. 
By contrast, powder metallurgy enables bulk processing of functionally graded parts. Powders can 
be mixed, stacked, and pressed according to the desired spatial distribution for the part, and then 
consolidated with a variety of approaches, including centrifugal forces, hot isostatic pressing, and 
solid state sintering [44, 45]. Unfortunately, the sizes and shapes that can be accommodated in 
powder metallurgy are rather limited, and porosity can be significant depending on the powder 
properties and consolidation method. Furthermore, sintering parameters may vary significantly 
from material to material, making consolidation of a multi-material part difficult. Ultimately, much 
more versatility is available with laser cladding processes, which can be used to deposit a wide 
variety of dense surface coatings to enhance wear or corrosion resistance of existing parts [46]. 
However, cladding is by nature a surface technique and only designed for thin coatings.  
 
Simultaneously, the welding industry has developed its own capabilities in material grading, most 
often to alleviate issues associated with sharp interfaces in dissimilar metal joints. Currently, a 
wide range of welding and joining processes are employed to fabricate dissimilar metal joints, 
including arc welding, laser and electron beam welding, friction stir welding, brazing, diffusion 
bonding, and explosive bonding. While substantial composition grading is not always necessary 
to successfully join dissimilar metals, it has become common practice to use dissimilar filler metals 
and interlayers to help overcome issues in solubility, thermal expansion mismatch, dilution, and 
other incompatibilities between two alloys. True graded joints, however, have only been 
demonstrated with traditional welding techniques on a few select occasions. Most notably, 
Brentrup, et al. employed a gas tungsten arc welding system with dual wire feeders to fabricate 
graded transition joints between low alloy steel and various austenitic alloys [47]. However, as is 
the case with most traditional welding techniques, the resulting gradients are geometrically limited. 
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2.2.1   Additive Manufacturing Methods 
 
Unlike the methods detailed above, layer-by-layer additive manufacturing techniques have the 
unique capability of fabricating bulk, fully dense, functionally graded components of complex 
geometry. The immense and widespread development of additive processes through the late 1990s 
and 2000s has thus invited a new interest in manufacturing of multi-material parts and functional 
grading. Whereas previous methods were focused largely on developing ceramic coatings, 
composite materials, and simple linear joints, additive manufacturing has expanded the focus to 
include geometrically complex metallic gradients with near-wrought properties.  
 
Theoretically, any additive process which allows adjustment of feedstock material mid-build is 
viable. However, directed energy deposition (DED) processes (including independently-developed 
systems known as LENS, DMD, etc.) lend themselves best to functional grading due to the 
comparatively small feedstock losses. Since powder blends cannot be easily separated and recycled 
for re-use, waste reduction is a major limiting factor to consider in functional grading. DED 
encompasses all those processes which enable layer-by-layer fabrication of complex geometry 
components by directing a focused high energy density beam (most commonly a CO2 or Nd:YAG 
laser) onto a substrate surface. This creates a small melt pool on the substrate, into which new 
material is introduced via blown powder or wire feeding. By rastering the beam and material 
injection system across the surface in a pre-defined pattern, tracks of newly solidified material are 
deposited.  
 
A thorough review of the laser deposition process is given in Section 2.3. However, the extent of 
its complexity as a manufacturing process is worth noting here. It is well known that laser 
deposited materials experience a convoluted thermal history marked by rapid solidification, high 
cooling rates, steep thermal gradients, and cyclic reheating and cooling [48]. This can lead to the 
formation of non-equilibrium microstructures and significant variations in structure from layer to 
layer, as well as within individual layers. Furthermore, final microstructure and properties are 
intimately tied to a large number of user-defined process parameters which must be optimized on 
a material-specific basis. Material properties such as melting temperature, thermal conductivity, 
and laser absorptivity heavily influence the required process parameters for each alloy [49].  
 
These factors have seriously hindered the development of robust models for predicting optimal 
laser deposition processing conditions as a function of material composition and properties. 
Rather, the accelerated qualification of laser deposited materials has relied on empirical efforts to 
define acceptable process parameter ranges for individual alloys as processed on specific 
commercial systems. Without material-specific optimization, laser deposited components are 
prone to a variety of gross defects, including porosity, lack of fusion, and undissolved powder 
inclusions [48]. Fabrication of compositionally graded materials thus introduces an added layer of 
complexity, wherein each step along the gradient effectively corresponds to a new alloy with its 
own properties. This means that successful laser deposition of gradients may also require process 
parameters to be adjusted in a composition-dependent manner within each build.  
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Figure 2-2: Schematic of a laser deposition system with multiple powder feeders capable of 
producing a complex geometry part containing a stepwise composition gradient in the build 

direction. 
 
 
Once optimal process parameters are determined, implementing laser deposition of gradient 
components is rather straightforward. Powders can either be pre-blended and loaded for each 
composition step, or a system can be equipped with multiple powder hoppers and feeders, such 
that the different powder types can be mixed in situ in varying quantities as desired for each layer. 
This is typically done by varying the respective powder mass or volume flow rates following a 
pre-defined sequence. The result is a component containing a step-wise composition gradient in 
the build direction, as outlined in Figure 2-2. For systems equipped with part rotation, radial 
gradients can also be achieved. In this case, material is deposited on a substrate in the form of a 
rotating rod, resulting in a cylindrical part with composition varying radially [6]. Builds with 
composition steps as fine as 1% each layer have been demonstrated, leading to near-continuous 
gradients [6, 7]. However, most existing studies have employed increments of 3-10%, as additional 
benefits are not necessarily observed for much finer grading [50-52]. Ultimately, observed changes 
in alloying elements in the build also tend to differ significantly from their intended amounts due 
to dilution effects. Therefore it is important to note that precise control over the composition 
gradient is limited to a certain extent, and depends heavily on process parameters and material 
properties. Further discussion of this topic can be found in Section 2.4.2. 
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Thus far, the discussion has been limited to methods for obtaining a composition gradient in the 
build direction or radially only. Much more extensive process control is required to fabricate truly 
functionally graded parts, as opposed to simple linear and cylindrical joints. In laser deposition, 
the delay time associated with altering the powder flow rates must be known and integrated into 
the manufacturing plan. While linear composition gradients parallel to the build direction can be 
accommodated by most commercial systems, full freedom and precision in depositing various 
materials in three dimensions is more complex. Strategies for moving from design to 
manufacturing of complex functionally graded parts have been explored most notably by Muller, 
et al. [53-55]. The authors’ approach makes use of detailed descriptions and classifications of the 
gradient geometry to generate a numerical control program containing the full progression of paths 
and process parameter controls to be fed into the additive system. Test builds must then be 
performed to ensure good correlation between the simulated and actual material distribution. At 
the time of this writing, such methods have only been demonstrated experimentally with simple 
linear composition gradients in the build direction [55]. Ultimately, further development in this 
area will be needed to realize the full potential of additive functional grading.  
 
True three-dimensional functional grading may also be possible if more advanced powder 
distribution systems are developed for laser or electron beam powder bed systems. At present, 
feedstock powder is introduced by the action of a roller or blade that spreads a thin layer over the 
existing substrate from a homogeneous powder reservoir. If an alternative injection system were 
developed to allow for selective placement of various powder types, full control over composition 
distribution in each layer would be possible. Additionally, a sacrificial powder could be 
preferentially placed in non-fusion areas to limit waste and enhance the thermal properties of the 
powder bed. As powder bed processes allow for the use of support structures, these techniques are 
advantageous from a standpoint of geometric freedom. Therefore it is worth investigating in future 
studies whether a means can be developed for incorporating multiple materials in powder bed 
processes to overcome the limitations of laser deposition.  
 
 
2.3   Laser Deposition 
 
This section provides a condensed primer on the processing of alloys with laser deposition. 
Although laser deposition has become somewhat streamlined for many industry applications, its 
fundamental principles must be revisited in order to understand the nonstandard use of the process 
covered in this thesis. Of particular concern are mechanisms of solidification and microstructural 
development in laser deposited parts, and how these phenomena vary from alloy to alloy. Much 
like for welding, each alloy carries its own distinct set of processing concerns based on the 
particulars of its physical metallurgy. Understanding how these effects manifest in common 
engineering alloys (i.e. austenitic stainless steels, nickel superalloys, alpha-beta titanium alloys, 
etc.) is a necessary precursor to interpreting the experimental results of this thesis, in which parts 
are deposited with composition and thus physical metallurgy varying on a continuum.  
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2.3.1   Basic Principles 
 
Laser deposition refers to one of several classes of layer-by-layer additive manufacturing processes 
that allows complex geometry three-dimensional parts to be built from powder or wire feedstock. 
The process evolved though many independently developed versions pursued at national labs, 
universities, and private industries. According to a review by Vilar in 2014 [48], at the time of his 
writing there were at least 23 independent companies worldwide manufacturing laser deposition 
systems. Despite the variety of different approaches and features, the basic principles of laser 
deposition are shared. In all such processes, material is consolidated in a melt pool produced by 
the energy of a focused laser beam. As the beam is directed onto the substrate and scanned across 
the surface, a moving melt pool is generated and allowed to solidify spontaneously along the laser 
track. In the majority of processes, powder feedstock is blown via a coaxial or multi-jet nozzle into 
the melt pool, where it increases the total volume of material and causes the track to rise above the 
substrate. By repeating this process layer-by-layer, a three-dimensional structure is built.  
 
Of course, a unique advantage of layer-by-layer consolidation is its ability to generate complex 
geometry structures containing features that are impossible to fabricate with subtractive machining 
and other conventional methods. Fabrication of such a part begins with a computer aided design 
(CAD) model that gets mathematically sliced into thin cross-sectional layers. Upon a build plate, 
the laser “draws” out the contours of each cross section in partially overlapping tracks. In doing 
so, closed internal features, cooling channels, and complex lattice structures can be fabricated with 
relative ease. Commercial systems differ in their schemes for carrying out the necessary motion 
control to achieve such geometric complexity. While Optomec’s well known LENS system makes 
use of an X-Y stage for the mounted build plate and a build head that moves along the Z-axis, 
RPM Innovation’s systems are equipped with a tilt and rotate table in addition to an X-Y-Z laser 
head, allowing for 5-axis motion control. Still other machines are equipped with 5-axis Cartesian 
gantry systems or robotic arms, while the build plate remains stationary. A comparison of 
commercial systems employing two different motion schemes can be seen in Figure 2-3.  
 
The development of laser deposition and other metal additive manufacturing processes 
dramatically reduced the lead time for going from design to physical part, which lent well to 
prototyping. However, fabrication of production-quality parts was approached more cautiously, as 
the final properties of additively manufactured builds (including density, strength, ductility, and 
fatigue life) were found to be unpredictable, unqualified, and often inferior to those of 
conventionally processed parts. Fortunately, continued development in the past two decades has 
resulted in remarkable progress towards overcoming this challenge. Commercial laser deposition 
systems are now compatible with a variety of engineering alloys, including stainless steels, alpha-
beta titanium alloys, and nickel superalloys. Optimization of process parameters has allowed for 
fabrication of dense parts with near wrought properties, opening up the possibilities for fabrication 
of real production parts. However, qualification of the process remains a difficult endeavor due to 
the many factors to be discussed in this section.  



 15 

 
          (a)                   (b) 
Figure 2-3: (a) TWI Laser Metal Deposition (LMD) system building a helicopter engine combustion 

casing using a gantry system combined with a tilt and rotate table. Courtesy of TWI Ltd. (b) 
Optomec® LENS system developed at Sandia National Lab fabricating a thin-walled sample. 

Courtesy of Optomec®. 
 

 
Although often seen as a competing process, laser deposition offers a non-overlapping set of 
capabilities from other additive manufacturing processes, such as selective laser melting (SLM) 
and electron beam melting (EBM). Compared to powder bed processes, laser deposition is 
uniquely versatile in its ability to fabricate new 3D components, apply coatings to existing ones, 
and make repairs on worn parts. For instance, repair of conventionally irreparable turbine 
blades/blades and drive shafts can be accomplished by adding new material with good 
metallurgical bonding [56, 57]. Whereas powder bed processes provide support for the 
consolidated structure as it is being built, laser deposition is a free-form process that functions 
without supporting structures or materials. As a result, some extent of geometric limitation is 
imposed by the inability to build horizontal or downward facing surfaces, and angled surfaces can 
only be built out to a critical angle. However, this can largely be overcome if tilt and rotation 
capabilities are incorporated into the system.  
 
Compared to powder bed processes, laser deposition also offers faster material consolidation rates 
(SLM: 0.08–0.5 cm3/min; LMD: 0.1–4.1 cm3/min), but at the expense of surface roughness (SLM: 
0.01–0.05 mm; LMD: 0.06–0.5 mm) and dimensional accuracy [49]. This is typically 
accomplished by adjusting process parameters to allow for larger laser spot sizes, larger layer 
thicknesses, higher feed rates, and more rapid scanning speeds. Without the need for a cumbersome 
powder bed, larger build volumes are also feasible [58]. The combination of these factors make 
laser deposition ideal for rapid fabrication of large production parts, provided the geometries and 
tolerances are within the given system’s limitations. 
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2.3.2   Feedstock Material 
 
Feedstock for laser deposition processes is most commonly in the form of nominally spherical 
alloy powder produced via an atomization process. It is well known that the properties of the 
chosen feedstock powder can substantially influence the final properties of the build. As such, 
significant attention is given to managing and optimizing various powder characteristics, including 
chemical composition, particle shape, particle size and its distribution, packing density, and 
flowability. The wide variety of laser deposition systems and powder manufacturers on the market 
has hampered the establishment of universal standards for powder properties. Thus far, 
manufacturers have relied on providing powder supplies or recommendations based upon their 
own independent analyses. Nonetheless, an examination of open literature suggests a number of 
characteristics that are necessary to produce good results, regardless of the specific system being 
used.  
 
Images of a selection of powders suitable for laser deposition are provided in Figure 2-4. The 
powders typically have diameters on the order of 50 – 150 µm, and in some cases up to 300 µm. 
Smaller particle sizes are ideal from a powder utilization standpoint, since fine powder is easier to 
focus into a narrow stream directed at the melt pool. However, reduction of powder size is 
ultimately limited by flowability in the powder delivery systems [59]. As one would expect, 
coarser powder requires the deposition of thicker layers, resulting in reduce spatial resolution, poor 
surface finish, and higher defect density [48]. Diameters of 50 – 150 µm are therefore 
commonplace, as they offer a balance of good flowability, reasonable powder usage efficiency, 
and smooth surface finish. However, it is important to note that ideal particle size can also vary 
depending upon alloy properties. For instance, light alloy powders generally flow better in coarser 
form, whereas dense alloys can be used in a somewhat finer form.  
 
As far as powder size distribution, this is typically controlled through the use of various sieves in 
order to achieve good packing density. It is more favorable to have a range of particle sizes, such 
that smaller particles can fill the gaps between larger ones. The use of bimodal and trimodal 
powder distributions has been shown to increase powder packing density [60], however this tends 
to be more critical for sintering-based processes. It is common for suppliers to characterize 
powders in terms of the bounds of the distribution, but the precise size distribution is not likely to 
be controlled or known.   
 
In addition to size, particle shape also heavily influences both flowability and packing efficiency. 
Near-spherical particles have ideal flowability, whereas irregularly shaped particles tend to have 
worse flow properties due to friction and interlocking. Similarly, the packing density of spheres 
exceeds that of irregular forms. Shape is typically assessed through SEM micrographs, such as 
those shown in Figure 2-4, or polished cross-sections. More accurate measurements of three-
dimensional shape are also possible with X-ray computed tomography (CT) [61].  
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         (a)       (b) 

 
         (c)       (d) 

Figure 2-4: Examples of various feedstock powders suitable for laser deposition, including (a) gas 
atomized 304L SS powder, (b) Ti-6Al-4V powder produced with the PREP process, (c) spherical 

vanadium powder, and (d) irregularly shaped vanadium powder.  
 
 
Besides particle dimensions, the most important factor for good deposition results is control of the 
powder chemistry, particularly when it comes to managing impurity levels. For highly reactive 
alloys of titanium and aluminum, contamination that results in increased oxygen, nitrogen, and 
hydrogen contents can lead to brittleness and undesirable phase stabilization [62, 63]. Oxygen and 
carbon contents must also be monitored in steels and nickel alloys to prevent degradation of 
mechanical properties. Vaporization of impurities can also result in the formation of unwanted 
intralayer porosity in the final part, impacting part density and fatigue life.  
 
Control of impurity levels is largely dependent upon what powder production process is used. 
Traditionally, gas atomization has been the process of choice for producing additive manufacturing 
powders due to its relatively low cost. The process is based upon the use of an inert gas to create 
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a dispersion of small droplets from molten alloy as it is passed through a nozzle. As the droplets 
cool down in flight in the atomization chamber, they solidify in near-spherical form. After sieving 
with various sized meshes to achieve the desired size distribution, the powders appear similar to 
the examples provided in Figure 2-4. Overall, the gas atomization process has been a favorable 
choice due to its ability to produce reasonably spherical particles with good cleanliness and a fine, 
homogeneous microstructure [64]. However, concern has arisen that the atomization gas can often 
become entrapped in the powder particles, later causing intralayer porosity [48, 65]. Interest in 
alternative methods is thus increasing to include more costly processes such as plasma atomization 
and the plasma rotating electrode process (PREP) in order to produce more perfectly spherical 
particles with less internal porosity. In PREP, the end of a metal bar is melted (using a plasma or 
electric arc in inert gas) while it is rotated about its longitudinal axis. The centrifugal forces cause 
droplets of molten metal to be ejected off, resulting in particles with very low contamination. The 
final particles are almost perfectly spherical and are produced in a tighter size distribution than is 
possible with gas atomization, as is apparent in the example in Figure 2-4b. With the use of PREP 
powders, much lower levels of porosity can be achieved in laser deposited parts [66, 67].  
 
An alternative approach to powder feedstock is to use wire feeding [48, 68, 69]. Compared to 
powder, production of alloys in wire form is available more widely and at lower cost. As the wire 
is fed directly into the melt pool, material utilization is higher, and much higher deposition rates 
can be achieved. However, deposition quality suffers and results tend to be inconsistent due to 
radiation absorption varying widely with the wire surface finish. Ultimately, this causes uneven 
extents of remelting and process instability. Further improvements are needed before wire feeding 
can compete with powder deposition processes. 
 
2.3.3   Process Parameters 
 
The freedom and versatility of laser deposition do not come easily. These capabilities are a direct 
consequence of the rather large set of adjustable process parameters that must be scrupulously 
managed in order to obtain adequate results. Table 2-2 provides a summary of these process 
parameters and their effects, and Figure 2-5 conveys them schematically. Included are laser 
parameters (power, wavelength, spot size, focal offset distance) and scan parameters (scan speed, 
hatch width, layer thickness, idle time between layers), as well as powder mass flow rate, build 
atmosphere, and substrate temperature. It is the combination of these process parameters that 
governs the entire thermal history, microstructure, defect concentration, and final properties of the 
build. The true difficulty lies in the fact that optimization of process parameters is not a one-off 
process. It also depends upon both the properties of the material being deposited and the geometry 
of the build itself. The parameters used to deposit a small cube of stainless steel will clearly have 
a different effect if used for a large, thin-walled titanium structure. A summary of the relevant 
material properties and geometric factors and their significance in influencing process parameters 
is thus also provided in Table 2-3.   
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Table 2-2: List of laser deposition process parameters and their effects on the final component.  
 

Type	 Parameter	 Effects	

Laser	
parameters	

Power	

Increased	 laser	 power	 leads	 to	 greater	 energy	 input,	 higher	
temperatures,	 increased	extents	of	melting	and	vaporization,	a	wider	
and	 deeper	melt	 pool,	 and	 a	 decreased	 track	 height.	 Decreasing	 the	
laser	 power	 below	 a	 certain	 level	 can	 cause	 insufficient	 melting,	
entrapped	 powder	 particles,	 and	 lack	 of	 fusion	 defects.	 Within	
acceptable	 ranges,	 lower	 laser	powers	cause	higher	cooling	 rates	and	
fine	equiaxed	microstructures.	Higher	laser	powers	cause	lower	cooling	
rates,	coarser	microstructures,	and	growth	of	columnar	grains.	

Wavelength	 Laser	 wavelength	 determines	 the	 percentage	 of	 incident	 energy	
absorbed	by	a	given	material.	

Spot	size	/	Focal	
offset	distance	

For	a	given	laser	power,	increasing	the	spot	size	will	decrease	the	energy	
density.	 Increase	 in	 spot	 size	will	 also	widen	 the	melt	 pool	 and	 laser	
track,	which	in	turn	increases	the	percentage	of	blown	powder	captured	
by	the	melt	pool	and	increases	build	rates.	However,	surface	roughness	
and	minimum	feature	size	will	also	increase.	

Scan	
parameters	

Scan	speed	

Scan	speed	determines	the	interaction	time	with	the	laser,	and	in	turn	
energy	density.	Slow	scan	speeds	increase	the	energy	density,	 leading	
to	slower	cooling	rates	and	coarser	microstructures.	Increasing	the	scan	
speed	 causes	higher	 cooling	 rates	 and	 finer	microstructures.	Above	a	
certain	scan	speed,	insufficient	energy	input	will	 lead	to	lack	of	fusion	
defects.		

Hatch	width	

Too	large	of	a	hatch	width	will	lead	to	lack	of	fusion	defects.	Reducing	
hatch	width	can	result	in	an	in	situ	heat	treatment	effect.	Optimal	hatch	
width	is	usually	chosen	based	on	other	parameters	that	determine	the	
laser	spot	size	and/or	melt	pool	width.	

Idle	time	between	
layers	

A	 larger	 idle	 time	 allows	 the	 build	 to	 return	 to	 a	 lower	 temperature	
between	 each	 layer,	 reducing	 the	 temperature	 gradient	 and	 cooling	
rates.	This	results	in	a	finer	equiaxed	structure.		

Scan	pattern	
Optimization	of	 scan	pattern	promotes	even	build-up	of	material	and	
geometric	 accuracy,	 and	 can	 reduce	 residual	 stresses	 and	 thermal	
distortion.	

Layer	thickness	 Layer	 thickness	 must	 be	 properly	 set	 to	 avoid	 overbuilding,	
underbuilding,	and	geometric	inaccuracy.		
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Table 2-2 (cont’d): List of laser deposition process parameters and their effects on the final 
component. 

 
Other	
Parameters	

Powder	mass	flow	
rate	

The	powder	mass	flow	rate,	or	feed	rate,	determines	the	uniformity	of	
the	 layer	 height.	 If	 the	 feed	 rate	 is	 too	 low	 in	 relation	 to	 the	 other	
process	parameters,	there	is	excess	heat	available	to	melt	the	substrate,	
and	the	height	of	the	laser	track	decreases,	causing	underbuilding	and	
poor	geometry	accuracy.	Too	high	of	a	powder	feed	rate	will	reduce	the	
amount	of	energy	available	to	melt	the	substrate,	and	poor	adherence	
can	result.	

Substrate	
temperature	

Preheating	the	substrate	decreases	temperature	gradients	and	cooling	
rates	in	the	build,	reducing	residual	stresses	and	cracking.	

Substrate	size	 The	 larger	 the	 substrate,	 the	 higher	 the	 average	 cooling	 rate	 in	 the	
deposited	material.	

Atmosphere		
Use	of	 an	 inert	 atmosphere	with	 controlled	oxygen	 content	 prevents	
oxide	layers	from	forming	on	deposited	layers,	which	affects	adherence	
and	wettability	of	the	subsequent	layers.	

Powder	
feedstock	
parameters	

Particle	size	and	
size	distribution	

Powder	 size	 influences	 flowability,	 utilization	 efficiency,	 and	 surface	
finish.	Size	distribution	determines	packing	density.		

Particle	shape	 Spherical	 particles	 have	 better	 flowability	 and	 packing	 density	 than	
those	with	irregular	form.		

Powder	
production	
method	

Powders	fabricated	with	gas	atomization	are	prone	to	entrapped	inert	
gas,	 causing	 porosity	 in	 the	 final	 build.	 Use	 of	 the	 plasma	 rotating	
electrode	 process	 (PREP)	 is	 ideal	 for	 reducing	 porosity	 and	
contamination.	

 
 
 
It is important to note that majority of the listed process parameters are interrelated, meaning that 
the observed effects from changing one parameter in isolation will be highly dependent upon the 
values of all other fixed parameters. Direct comparisons between procedures for different 
commercial systems is thus difficult, since all parameters and features of each system must be 
known in order to allow for a full comparison. For example, deposition of Ti-6Al-4V at a laser 
power of 1000 W cannot in and of itself form the basis for a standard, since the properties of a 
build at this laser power will differ widely depending upon the set values of all other parameters. 
Of course, this level of detail is rarely reported by laser deposition companies in the interest of 
maintaining proprietary methods. As such, extensive experience is still required to manage the 
different parameters in any given build.  
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Table 2-3: Summary of material properties and geometric factors and their significance in laser 
deposition.  

 

Type	 Property	 Significance	

Material	
properties	

Melting	temperature	 Materials	with	higher	melting	temperature	require	greater	total	energy	
input	to	prevent	porosity	and	lack	of	fusion	defects.	

Melting	range	

A	 large	 melting	 range,	 or	 difference	 between	 liquid	 and	 solidus	
temperatures,	 can	 lead	 to	 increased	 microsegregation,	 solidification	
cracking,	 and	 non-uniform	 properties	 under	 the	 rapid	 cooling	 rates	
experienced	during	laser	deposition.	

Laser	absorptivity	
Materials	with	low	laser	absorptivity	are	difficult	to	deposit	due	to	the	
majority	of	the	incident	radiation	being	reflected	from	the	build.	Higher	
laser	powers	or	slower	scan	speeds	are	required	to	compensate.		

Thermal	conductivity	 High	 thermal	 conductivity	 causes	 heat	 to	 be	 rapidly	 dissipated	 away	
from	the	melt	pool,	leading	to	poor	adherence	and	consolidation.		

Coefficient	of	
thermal	expansion	

The	larger	the	coefficient	of	thermal	expansion,	the	more	significant	the	
expansion	 and	 contraction	 which	 occurs	 during	 the	 laser	 deposition	
thermal	cycle.	This	 increases	 residual	 stresses	and	 thermal	distortion,	
and	can	lead	to	cracking.		

Solid	state	phase	
transformations	

Phase	 changes	 during	 cooling	 can	 be	 accompanied	 by	 volumetric	
changes	that	exacerbate	residual	stresses.	Martensitic	transformations	
can	also	occur	in	an	inconsistent	manner	depending	upon	local	cooling	
rates.		

Oxidation	properties	
Materials	that	readily	undergo	oxidation	tend	to	have	poor	wettability	
and	adherence	due	 to	oxides	 forming	on	 the	build	surface	after	each	
deposited	layer.			

Geometry	
Wall	thickness	

Thin-walled	geometries	slow	the	dissipation	of	heat	away	from	the	melt	
pool,	 leading	 to	 higher	 build	 temperatures	 and	 slower	 cooling	 rates,	
thus	influencing	microstructure	and	final	properties.	

Build	dimensions	

Building	 a	 part	 with	 a	 large	 cross	 section	means	 that	 the	 laser	must	
spend	 an	 increased	 amount	 of	 time	 between	 depositing	 consecutive	
layers.	 This	 allows	more	 cooling	between	 layers,	 altering	 the	 thermal	
history.		

Number	of	
simultaneous	builds	

Deposition	of	multiple	builds	upon	a	single	plate	requires	an	increased	
amount	 of	 time	 between	 depositing	 consecutive	 layers	 on	 each	
individual	build.	The	increased	time	interval	alters	the	thermal	history.		

Build	height	

Initial	layers	on	the	substrate	tend	to	rapidly	conduct	heat	through	the	
build	plate.	As	the	build	height	increases,	subsequent	layers	retain	more	
heat	over	 time.	 The	 thermal	history	 thus	 varies	with	height	 from	 the	
bottom	to	the	top	of	the	build.		
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Table 2-3 (cont’d): Summary of material properties and geometric factors and their significance in 
laser deposition.  

 

Type	 Property	 Significance	

Geometry	
(cont’d)	 Build	angle	

The	 maximum	 overhang	 angle	 for	 a	 free-form	 deposition	 process	 is	
limited	 to	 26-30°.	Microstructure	will	 be	 dictated	 by	 the	 direction	 of	
heat	flow	in	the	build,	which	will	vary	with	the	build	wall	angle.		

Proximity	to	
neighboring	
builds/surfaces	

A	high	density	of	material	consolidation	on	the	substrate	increases	the	
nominal	 build	 temperature	 and	 decrease	 cooling	 rates.	 Greater	
distances	between	structures	will	have	the	opposite	effect.	

Position	on	substrate	
Uneven	distribution	of	 the	build	structure	on	the	substrate	can	cause	
distortion	during	cooling.	Heat	dissipation	is	more	limited	at	the	edge	of	
the	base	plate	than	at	the	center,	affecting	cooling	rates.			
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Figure 2-5: Schematic of laser deposition process parameters.  

 
 
Another consequence of process parameter dependency is that many unlike combinations of 
parameters may provide adequate results on different systems. It comes as no surprise that 
simultaneous development of the process by many organizations in isolation has led to many non-
overlapping “deposition schemes” and “parameter spaces” within which individual systems 
operate. Most studies to date have considered laser power, scan speed, and powder mass flow rate 
to be the three “primary” process parameters, with the user adjusting these in tandem for each 
material while maintaining all other “secondary” parameters at their default values. It follows that 
the acceptable ranges for these primary parameters will vary from system to system due to any 
differences in secondary parameters that often go unreported, such as hatch width, idle time 
between layers, and scan strategy, among others. Nonetheless, open literature in the last decade 
and a half has included many useful reports on the effects of both primary and secondary process 
parameter changes on final build properties. The following discussion considers both the effects 
of varying one parameter assuming all others remain fixed, and the outcome of simultaneously 
varying multiple parameters. 
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Laser power is perhaps the most frequently discussed process parameter due to its direct 
correlation with total energy input into the material. Currently, most laser deposition systems are 
equipped with either a CO2 gas laser or Nd:YAG (neodymium-doped yttrium aluminum garnet) 
solid state laser. CO2 lasers can operate in a range of 500W to 25kW, whereas Nd:YAG lasers 
operate between 100W and 3kW. The lower bound for laser power is based on the point at which 
proper consolidation becomes possible. If the laser power is insufficient, the melt pool becomes 
unstable and balls of molten metal form which fail to fill in gaps. The result is lack of fusion 
defects, entrapped unmelted powder particles, and even inability to continue deposition. As laser 
power is increased and proper consolidation ensues, the greater energy input leads to higher 
temperatures and increased extents of melting. The melt pool becomes wider and deeper, and the 
height of the deposited track decreases. Above a certain power level, temperatures increase to the 
point of exceeding the vaporization temperature of the material, leading to a keyhole effect in 
which the laser “drills” into the underlying layers. Within acceptable ranges, laser power can also 
impact microstructure markedly by influencing cooling rates. At low laser powers, incident energy 
is low and cooling rates are high, leading to fine equiaxed microstructures. Conversely, higher 
powers will lead to lower cooling rates, coarser microstructures and growth of columnar grains, to 
be discussed further in Section 2.3.5. In most systems, it is observed that the true laser power 
undergoes fluctuations during deposition (up to ± 50W), and does not maintain the nominal set 
value. The effects this has on consistency of microstructure can be significant.  
 
Unlike laser power, the wavelength of the laser is inherent to the system and cannot be actively 
tuned. It must be considered nonetheless, because the absorptivity of materials can vary 
significantly as a function of radiation wavelength. The first laser deposition systems that became 
commercially available were equipped with CO2 lasers of wavelength 9.4 to 10.6 µm. However, 
use of CO2 lasers is associated with low process efficiencies, since most metals exhibit high 
reflectivity in this range. Figure 2-6 shows the approximate absorption spectra for various metals 
(steel, Fe, Mo, Al, and Cu) as a function of wavelength of the incident radiation. It is clear that at 
10.6	µm, steel and iron only absorb ~6% and ~11% of the incident radiation, respectively. 
Aluminum and copper reflect up to 99% of the incident energy. Incorporating solid state Nd:YAG 
lasers improved efficiency by delivering radiation at a wavelength an order of magnitude smaller, 
1064 nm, at which absorptivity tends to be higher for most metals. At this wavelength, absorption 
for steels and titanium alloys exceeds 30%, a range which produces favorable deposition results. 
However, aluminum and copper remain difficult to deposit as they continue to reflect about 95% 
of the incident radiation at this wavelength. Ultimately, the increased absorption benefit is also 
offset by the higher operating costs and lower electrical efficiency of Nd:YAG lasers. Futures 
systems are thus exploring the use of diode and fiber lasers that provide a balance of high electrical 
efficiency and moderate absorption in metals.  
 
The final laser properties to make note of are laser spot size and focal offset distance. These two 
parameters go hand in hand, since focal offset is a preferred method for manipulating spot size. 
Reported spot sizes in laser deposition have ranged an order of magnitude, from 0.3mm to 3mm  
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Figure 2-6: Absorption of incident laser energy as a function of wavelength for different metals. 

Redrawn based on [70]. 
 
 
[58]. Use of a larger spot size, or depositing with the laser focus offset some distance from the 
build, will both lead to the laser energy being spread over a wider area, thus decreasing the energy 
density. If operating at high laser powers, increasing the spot size can be particularly useful in 
order to prevent the vaporization and key-holing effects described above. The larger energy input 
will be spread across a wider area, allowing for a wider laser track and increased build rates. The 
wider melt pool will also capture a greater percentage of the incident powder, increasing efficiency 
[71]. Of course, this will come at the expense of increases in surface roughness and minimum 
feature size.  
 
Scan parameters, including scan speed, hatch width, idle time between layers, scan pattern, and 
layer thickness, also greatly impact heat input and thermal history in the deposit. The most readily 
adjusted of these is scan speed, or the rate at which the laser is moved across the sample surface. 
Decreasing the scan speed increases the interaction time with the laser, which is equivalent to 
increasing the energy density. The effect is similar to an increase in laser power, and will result in 
slower cooling rates and coarser microstructures. Increasing the scan speed will cause faster 
cooling rates and finer microstructures. Beyond a certain scan speed, insufficient energy input will 
lead to lack of fusion defects.  
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Hatch width, or the extent of overlap between consecutive laser passes, has a more complex effect. 
Obviously, if adjacent laser tracks are too far apart, lack of fusion defects will appear between 
them. To combat this effect, users tend to optimize the hatch width based on the size of the laser 
spot size and/or the resulting size of the melt pool. This is ideal from an efficiency standpoint, such 
that no more time scanning across the part is spent than the minimum necessary to prevent lack of 
fusion. However, there have been cases where hatch width has been purposefully reduced to 
achieve an in situ heat treatment effect, in order to ensure the material spends a longer period of 
time at elevated temperatures. Of course, this can double or triple the build time, and should only 
be done if necessary from a microstructural or mechanical property perspective.  
 
Control of idle time between layers allows the user to set amount of time to cool between each 
layer. Intuitively, a larger idle time will mean that the build returns to a lower temperature before 
each subsequent layer is deposited. The temperature gradient will be higher, as will cooling rates, 
meaning that finer equiaxed structures are more likely to form. Idle time between layers can thus 
be manipulated to achieve certain microstructural effects in each layer.  
 
Manipulation of scan pattern has been investigated on many occasions, since its impact is rather 
complex to predict [72-74]. Possible scan patterns, illustrated in Figure 2-7, include variations on 
rastering, bi-directional scanning, inward and outward spirals (also called “offset-out” and “offset-
in”), and even fractal patterns. In some systems, the contour of the layer is first drawn out prior to 
filling it in with a particular pattern, as in Figure 2-7c. Starting positions and raster orientations 
can also be alternated or randomized to promote even build-up of material. The most notable 
factors influenced by choice of scan pattern are residual stress distributions and thermal distortion 
in the final part. Studies have noted that the inward spiral (also known as “offset-out”) and fractal 
patterns are successful when it comes to both improving geometric accuracy and reducing 
distortion [73, 74].  
 
A final scan parameter to consider for laser deposition is layer height. True layer height is not a  
parameter, but rather a consequence of other major parameters that govern the volume of material 
consolidated in the laser track. However, it is still necessary for the user to set the layer height in 
terms of the z-increment that the build head moves after each layer is completed. If this value is 
not set appropriately, the laser focus can rapidly become out of synch with the build surface, 
leading to overbuilding or underbuilding, disrupting the geometric accuracy of the part.  
 
When considering powder mass flow rate, it is important to keep in mind that the absorbed laser 
energy is shared between the substrate and the incoming powder, and must melt both 
simultaneously. If the powder feed rate is too low in relation to the other process parameters, there 
is excess heat available to melt the substrate, and the height of the laser track decreases. This can 
lead to unwanted underbuilding and poor geometry accuracy. Conversely, too high of a powder 
feed rate will reduce the amount of energy available to melt the substrate, and poor adherence can  
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          (a)       (b)    (c) 

 
          (d)       (e)    (f) 

Figure 2-7: Various scan patterns possible with laser deposition, including (a) raster, (b) bi-
directional raster, (c) contour outline and bi-directional raster, (d) offset-out, (e) offset-in, and (f) 

fractal.  
 
 

result [48]. Tuning of the powder flow rate is thus necessary to maintain uniformity of layer height 
[72]. Of course, any adjustment of the powder flow rate made in isolation will also affect cooling 
rate and final microstructure, as well.  
 
Finally, many manufacturers and researchers have been experimenting with substrate pre-heating, 
or methods to maintain the build temperature above a certain value. Preheating tends to reduce 
cooling rates by flattening the temperature gradient in the build. It is typically performed as a 
means to reduce the residual stresses and cracking that can otherwise result from rapid cooling 
rates and inhomogeneous expansion and contraction in the part [75]. However, since preheating 
of an entire large component can be inefficient and expensive, some authors have suggested 
experimenting with localized preheating instead [76]. Preheating can also be strategically 
employed to delay solid state phase transformations in an alloy. For instance, Crespo reported that 
preheating the substrate of a Ti-6Al-4V laser deposited part to above the martensite finish 
temperature (400 °C) alters the final microstructure of the part, since it is now permitted to 
complete the martensitic transformation until the entire build is cooled [77]. 
 
The interdependency of the above process parameters makes it useful to define new process 
parameters in terms of combinations of existing ones. The value of such a function can then be 
varied in a linear fashion, which involves adjusting multiple parameters simultaneously. 
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Volumetric energy density, 𝐸, is one such term, commonly defined as the average applied energy 
per unit volume of the material, or: 
 

𝐸 =
𝑃
𝑣ℎ𝑡 

 

where 𝑃 is the laser power, 𝑣 is the scan speed, ℎ is the hatch width, and 𝑡 is the layer thickness 
[49]. Peng et al. [78] and Amine et al. [79] have also found use in defining a specific energy term 
based on laser power, 𝑃, scan speed, 𝑣, and laser beam diameter, 𝑑: 
 

Specific	energy =
𝑃
𝑣𝑑 

 

The even simpler term of linear heat input has been defined as:  
 

Linear	heat	input =
𝑃
𝑣 

 

Vilar [48] proposed that there are effectively two main parameters of interest for laser deposition, 
power density and interaction time. The power density is simply given by the laser power per unit 
area on the substrate surface, and interaction time is defined as the laser spot diameter divided by 
the scan speed. The author notes that successful deposition requires energy densities in the range 
of 102 – 104 W/mm2, and interaction times of 10-1 to 10-3 seconds. Grouping of parameters and 
examination of their dependency has found use in various forms of active process control [80-82]. 
If a simple function of process parameters is found to correlate well with melt pool size or 
temperature, automatic in situ adjustments of parameters can be made to maintain this function at 
a constant value, thus stabilizing the process. 
 
2.3.4   Thermal History 
 
A consequence of layer-by-layer consolidation of melted metal is that the resulting thermal history 
differs dramatically from that experienced by conventionally processed materials. For a given 
alloy, the precise peak temperatures and cooling rates can heavily influence a myriad of 
microstructural and mechanical properties, including solidification mode, dendrite arm spacing, 
grain size and shape, phase composition, presence of martensite, precipitate type and size, 
microsegregation, solidification cracking, hardness, strength, and ductility.  
 
The thermal history of a laser deposited part is best described for the case of a thin-walled build 
consisting of a single laser track per layer. Upon deposition of the first layer, the temperature at a 
given point in this layer increases to exceed the melting point of the alloy. As the laser continues 
moving and completes the track, the material is allowed to cool and the temperature drops rapidly. 
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     (a)       (b) 
Figure 2-8: Schematic of characteristic thermal history experienced in a single track laser deposited 
build of a hypothetical alloy, showing (a) temperature and (b) cooling rate as a function of time for a 

single layer. Drawn based on [83].  
 
 
When the second layer is deposited, partial remelting and cooling of the first layer occurs as a 
necessity to ensure complete fusion. Deposition of each subsequent layer then results in cyclic 
reheating and cooling of the layers below, wherein both the peak temperature and cooling rate 
decrease in magnitude with each new layer. The thermal cycling dampens over time, until the 
temperature settles on the nominal temperature of the build substrate. The resulting thermal history 
is illustrated in Figure 2-8, showing the temperature and cooling rate as a function of time for laser 
deposition of a hypothetical alloy, based on the results of finite element modeling of laser deposited 
410 SS by Wang et al. [83]. Similar thermal histories have been reported on numerous occasions 
based on both modeling and experimental measurements made with thermocouples [84-86]. 
Reported cooling rates during these thermal cycles are commonly on the order of 103 – 104 °C/s, 
but can reach as high as 106 °C/s [87]. To complicate matters further, cooling rates tend to vary 
spatially based on geometry and wall thickness, as well as location with respect to the build plate, 
and even within individual layers.  
 
It is clear from this thermal history that the microstructural features present in the material will be 
a product of not just the initial solidification conditions (i.e. the combination of thermal gradient 
and solidification rate), but also any changes that occur upon reheating and subsequent re-cooling. 
The material effects are akin to those seen in the “heat-affected zone” commonly classified in 
welding, which consists of material which has been exposed to sufficient temperatures that 
microstructural evolution and phase transformations can occur. Like in welding, the magnitude of 
these effects is dictated by the precise physical metallurgy of the alloy in question [88]. If the 
microstructural origin of favorable properties (including strength, hardness, corrosion resistance, 
etc.) in the material appears largely independently of thermal history, homogenous and predictable 
properties will be expected. However, for alloys that depend upon microstructural features that are 
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generated only in a narrow range of cooling rates, properties may be unpredictable and non-
uniform within the laser deposited build.  
 
A key example of the role of thermal history in laser deposited parts is observed variations in 
hardness with build height, and how this manifests in different alloys. Generally, as build height 
increases, heat accumulates in the build volume and flattens thermal gradients and cooling rates. 
For the case of an austenitic stainless steel, such as 316L, the results are straightforward. Amine 
et al. [85] report increases hardness values in the first few layers of the build due to the higher 
cooling rates causing a finer grain structure. As deposition progresses, grain size increases and the 
hardness declines. But for a stainless steel that exhibits martensitic transformations, such as 410, 
the opposite hardness profile occurs [83]. This is because deposition of subsequent layers causes 
reheating and tempering of the martensite in the previous layers, thus reducing the hardness below. 
The final few layers never experience this tempering, and remain in the harder martensitic form. 
A third unique case is observed for alpha-beta titanium alloys, such as Ti-6Al-4V. Untempered 
martensite is often observed in the final few build layers, which would lead one to expect 
increasing hardness with build height. However, unlike in martensitic stainless steel, hardening 
from this martensite is ultimately insufficient to cancel out the decreasing hardness with build 
height that results from heat accumulation and microstructural coarsening [89].  
 
The effect of thermal history on solid state phase transformations in laser deposited alloys is also 
a complex topic to generalize. Ti-6Al-4V has been most readily studied from this standpoint, as 
its properties are highly dependent upon the way in which the alloy transforms from the high 
temperature beta phase to the low temperature alpha phase. The phase transformations occurs upon 
cooling below the “beta transus” temperature of 980 °C. Under slow cooling, this occurs via 
diffusion to produce the equilibrium 𝛼 + 𝛽 structure. If the cooling rate exceeds 410 °C/s, a 
diffusionless transformation will occur to produce 𝛼′ martensite, resulting in low ductility. When 
the alloy is laser deposited, the initial cooling rate in each layer is almost always sufficient to 
produce 𝛼′ martensite. However, if such a layer is subsequently reheated to a temperature above 
~780 °C, the martensite will decompose into the 𝛼 + 𝛽 phases expected at conditions closer to 
equilibrium. The rate at which this layer re-cools will then determine whether it forms 𝛼′ 
martensite again, or remains as 𝛼 + 𝛽. The final few layers of the build, not having experienced 
this in situ heat treating effect, will remain in the martensitic form. The extent to which this 
reheating occurs will depend on the net effect of the large number of user-defined process 
parameters and factors described above. In some cases, reheating may not induce high enough 
peak temperatures to allow for martensitic decomposition, leaving the build in a fully martensitic 
form. This will also be the case if high enough temperatures are reached, but cooling rates never 
slow enough to prevent a martensitic transformation from occurring again. However, should 
sufficient temperatures be reached and cooling rates sufficiently slowed, the build will display an 
𝛼 + 𝛽 structure throughout. This phenomenon has been thoroughly outlined by Crespo [90] and  
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Figure 2-9: Sequence of phase transformations in Ti-6Al-4V during laser deposition, and how the 

final phase composition varies depending upon thermal history. Copyright © 2011 Antonio Crespo. 
Originally published in [90] under CC BY 3.0 license by In Tech (Open Access). DOI: 

10.5772/19836. Available from: https://www.intechopen.com/books/convection-and-conduction-
heat-transfer/modelling-of-heat-transfer-and-phase-transformations-in-the-rapid-manufacturing-of-

titanium-componen. 
 
 
conveyed visually through the schematic reproduced in Figure 2-9. It shows that overall, the 
thermal history and its effect on solid state phase transformations in the alloy are the primary 
driving force for microstructural variation amongst additively manufactured Ti-6Al-4V. A similar 
study was performed by Costa et al. [91] for 410 martensitic stainless steel. Percentages of 
austenite, fresh martensite, and tempered martensite were predicted to vary within the build 
depending upon thermal history, leading to a non-uniform hardness distribution. 
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2.3.5   Solidification and Microstructure Formation 
 
The presence of non-equilibrium microstructures and phases in laser deposited parts can be 
attributed to the rapid solidification conditions associated with the process. Absorption of the high 
laser energy into a rather small molten pool (~1 mm) results in highly localized heat input. 
Conduction of this heat through the substrate then causes cooling rates sufficient to produce rapid 
solidification microstructures. The consequences of rapid solidification are not limited to finer 
microstructural features. Solidification modes tend to differ from those observed in casting [49]. 
With timescales insufficient to allow for diffusion, compositional inhomogeneities are observed, 
and when multiple phases are present, they are unable to reach their equilibrium compositions. In 
some cases, diffusionless or martensitic phase transformations can also occur, leading to properties 
that bear little resemblance to those of the conventionally processed alloy.  
 
The solidification mode and microstructural scale are governed by the relative values of two major 
variables: 𝐺, the thermal gradient [°𝐶/𝑚𝑚], and 𝑅, the solidification rate [𝑚𝑚/𝑠], or the velocity 
at which the solid-liquid interface propagates. The combined effects of 𝐺 and	𝑅 are summarized 
in a plot in Figure 2-10. For slow solidification rates, the solid-liquid interface propagates as a 
planar front. If solidification rates are high and thermal gradients are shallow, equiaxed dendritic 
growth occurs. For intermediate ratios of 𝐺/𝑅, the solidification mode will be either cellular or 
dendritic. The scale of the resulting solidification substructure is then determined by the cooling 
rate, 𝐶	[°𝐶/𝑠], equal to the product of the thermal gradient and solidification rate: 
 

𝐶 = 𝐺𝑅 
 

The higher the cooling rate, the smaller the spacing between individual cells or dendrite arms. The 
scale of this cellular or dendritic structure is not to be confused with the alloy’s grain size; it simply 
refers to the scale of the solidification substructure within each grain. 
  
The conditions of laser deposition are such that alloys tend to solidify in very fine cellular or 
dendritic structures, with scales on the order of microns. There are definite advantages to this fine 
substructure, namely improvement in mechanical properties such as ductility, toughness, and 
strength. However, cellular and dendritic substructures are also accompanied by microsegregation, 
otherwise known as solute partitioning, in which the dendrite core rejects solute atoms into the 
remaining interdendritic liquid as the solidification front progresses. With the process proceeding 
rapidly during laser deposition, timescales are insufficient to allow for diffusion and compositional 
homogenization to occur. As a result, concentration gradients exist in the alloy on the scale of the 
cellular or dendritic substructure. The magnitude of the effect is amplified by nonequilibrium 
solidification conditions, leading to composition differences between cell/dendrite interiors and 
their boundaries that exceed those predicted by equilibrium phase diagrams. The persistence of 
microsegregation due to nonequilibrium solidification conditions has been studied widely due to 
its prevalence in weld metal [92], and its consequences are well-documented. Local variations in 
phase stabilization, corrosion properties, and crack resistance are among the possible effects.  
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Figure 2-10: Schematic plot of temperature gradient, G, versus solidification rate, R, showing how 
solidification mode and scale depend upon the ratio (G/R) and product (GR) of these terms. Drawn 

based on [93]. 
 
 
The extent to which the solidification substructure affects the final properties the part is again a 
product of the physical metallurgy of the alloy. The effects are particularly meaningful for 
austenitic stainless steels, such as 316 SS, that border the line of stability between ferrite and 
austenite. In this case, partitioning of alloying elements during solidification is a nontrivial factor 
that can modify the final phase composition of the alloy [94]. It is reported in multiple studies [94-
99] that laser deposited 316 and 316L SS tend to undergo cellular solidification. The cellular 
structure develops on the sub-grain level, with “primary arm spacing” (or cell to cell distance) on 
the order of a few microns, as demonstrated in the micrographs in Figure 2-11. Yadollahi et al. 
[94] found that during solidification, Cr and Mo get rejected into the intercellular liquid where 
they preferentially stabilize ferrite. The result is that increased percentages of ferrite appear at the 
cell boundaries, while the cell interiors remain in the austenite phase. Often, this causes the laser 
deposited alloy to exhibit nominal ferrite percentages that far exceed those in the wrought alloy 
and act to degrade mechanical properties.  
 
Similar issues arise with nickel superalloys such as Inconel 718, for which interdendritic 
microsegregation modifies the final phase composition and precipitate formation in the alloy in an 
undesirable manner. Qi et al. [100] report that segregation of Nb to interdendritic regions stabilizes 
the brittle intermetallic Laves phase, which is known to reduce ductility, fatigue, and creep  
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(a) 

 
                  (b)           (c) 
Figure 2-11: Examples of fine cellular solidification structure revealed with etching in laser deposited 

316L SS. The cellular substructure (c) is present within individual grains, and grain boundaries 
appear as the meeting of adjacent “packets” of cells, as visible in (a) and (b). Note the presence of a 

solidification crack in (b) that occurred along the boundary between adjacent grains.  
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Figure 2-12: Etched cross-section of a laser deposited mixture of 300 maraging steel and 316L SS, 

showing evidence of the original melt pool boundaries in each layer.   
 
 
properties in the alloy by depleting the elements needed for precipitation strengthening. The 
segregation is difficult to avoid during solidification, and must be reversed with homogenizing or 
solution annealing heat treatments after fabrication, as discussed in Section 2.3.7.  For both steels 
and nickel alloys, the solidification substructure is readily revealed after metallographic etching 
due to these composition variations. It is likewise common in steels and nickel alloys to see 
signatures of the original melt pool boundaries (and thus layer boundaries), due to the formation 
of narrow heat-affected zones that undergo recrystallization and loss of the original solidification 
structure. An excellent example of this effect is shown in Figure 2-12. By contrast, the 
solidification mode and structure in laser deposited titanium alloys such as Ti-6Al-4V is rarely 
preserved, since solute partitioning for the major alloying elements is minimal [101].  
 
Solidification conditions in laser deposited parts also influence grain morphology and texture on a 
larger scale. Upon deposition of a new layer, it is necessary to partially remelt the layer below to 
ensure complete fusion. In doing so, the grains of the previous layer serve as nucleation sites for 
solidification of new grains, resulting in columnar grains that grow in the build direction and 
extend across many layer boundaries. Since the rate of heat conduction and magnitude of 
temperature gradients are greatest in the build direction, the material also solidifies in each grain 
with its preferred growth direction oriented parallel to this axis. Ultimately, this is responsible for 
the strong texture and anisotropic mechanical properties characteristic of laser deposited parts [49]. 
It is important to note that although this phenomenon is common in laser deposited alloys, it is by 
no means universally observed. Generally, the higher the linear heat input (i.e. increased laser 
power or reduced scan rate), the more readily the strongly textured columnar grains are observed. 
If heat input is on the lower end of acceptable values, it is more common to see equiaxed grain 
growth and uniform texture [49]. Furthermore, the physical metallurgy of an alloy can either 
promote or limit the likelihood of columnar grain growth. For example, Ti-6Al-4V undergoes 
limited solute partitioning during solidification, which reduces the extent of constitutional 
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supercooling and deters nucleation ahead of the solidification front. The result is that laser 
deposited Ti-6Al-4V almost universally solidifies in large columnar grains nucleated from the 
previously solidified layer, whereas other alloys such as steels and nickel alloys are more likely to 
show an equiaxed structure [101].  
 
2.3.6   Defects 
 
Besides variations in microstructure, process-related defects are the primary impediment to 
adopting laser deposited parts in critical applications. Commonly observed defects include inter- 
and intra-layer porosity, lack of fusion, excessive remelting, unmelted powder inclusions, oxides, 
and over- and underbuilding. Cracking, distortion, and dimensional changes also frequently occur 
due to the development of severe residual stresses during fabrication. Optimization of process 
parameters is successful in minimizing these defects, but only to a certain extent. For some alloys, 
a combination of in situ process control and post-processing heat treatments is the only available 
means to reduce defects below the level at which they degrade key mechanical properties.  
 
The most widely discussed defects in laser deposition are those which act to lower the density of 
the final part, namely various forms of porosity. The cause of porosity is typically evident from its 
morphology. Elongated or irregularly shaped pores, particularly those occurring at layer 
boundaries or layer track interfaces, can be attributed to lack of fusion. Eliminating lack of fusion 
defects is a rather simple matter of adjusting process parameters in an effort to increase linear heat 
input (via increasing laser power or decreasing scan speed) or reduce the hatch width to allow 
adequate overlapping of adjacent melt pools [102, 103].  
 
By contrast, spherical porosity that occurs within layers is usually an issue of entrapped gas that 
originated in the powder feedstock [66, 100]. As previously discussed, process parameter 
optimization has little effect on eliminating gas porosity compared to the use of improved powder. 
Qi et al. [100] provide an excellent demonstration of this fact with laser deposited Inconel 718. 
Their results showed that porosity present in the gas atomized powder directly translates into 
porosity in the final deposited build. The authors do report that reducing the size of the gas 
atomized powder and increasing the linear energy input reduces porosity, but does not fully 
eliminate it. The improvements observed for these cases can be attributed to an increased amount 
of time available for the gas bubbles to rise to the surface of the melt pool and escape [66]. 
However, use of identical processing conditions with PREP powder, which appears more spherical 
in morphology and free of pores, is successful in eliminating almost all gas porosity after 
deposition.  
 
In another study of laser deposited Inconel 718 by Ng et al. [103], the authors concluded that the 
gas porosity could not be attributed to pre-existing pores in the powder alone. The inert gas used 
to deliver the powder through the nozzles and into the melt pool can also form pores that become 
entrapped due to Marangoni flow induced by surface tension gradients. Although much less 
frequently reported on, gas pores can also evolve as a result of variable solubility of gases (e.g. 
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hydrogen) in the alloy between its liquid and solid states [48]. Studies suggest that with a 
combination of improved powders and process parameter optimization, porosity levels below 
0.05%, and as low as 0.0025%, are readily achievable [48, 66, 100, 103, 104]. 
 
Residual stresses refer to those which persist in the material long after the external source of the 
stresses has been removed. In laser deposition, they develop as a result of inhomogeneous 
expansion and contraction that occurs during rapid localized heating and cooling in the build. 
Should the magnitude of these thermal stresses exceed the yield stress of the material at high 
temperature, they become effectively relieved through plastic deformation. Otherwise, they can 
induce macroscopic cold cracking in the build upon cooling [49]. If not severe enough to cause 
cracking, the residual stresses remain frozen the material in the form of lattice distortion, and have 
a cumulative effect with stresses imposed during service where they act to shorten the creep or 
fatigue life of the part.  
 
In laser deposition, residual stresses tend to be oriented in the build direction since cooling occurs 
faster at the bottom of the melt pool than at the top. Compressive stresses develop at the substrate 
base, and tensile stresses appear in the top of the part, increasing in magnitude as the build height 
increases [105]. In simple geometry laser deposited builds of 316 stainless steel and Inconel 718, 
Rangaswamy et al. [106] found that residual stresses measured with both neutron diffraction and 
the contour method were uniaxial in the build direction, compressive at the center of the sample 
and tensile at the edges. The magnitudes of these stresses reached 40-50% of the room temperature 
yield strength of the alloys. Similar stress patterns were found by Labudovic et al. [107] through 
both thermos-mechanical modeling and X-ray diffraction measurements. Of course, the magnitude 
and arrangement of residual stresses varies from alloy to alloy due to differences in thermal 
conductivity, coefficient of thermal expansion, yield stress, and elastic modulus. Nickel 
superalloys tend to exhibit more severe stresses than steels and titanium alloys, since they retain 
high yield stresses at elevated temperatures [72]. Unable to be relieved through plastic 
deformation, these stresses persist in the alloy’s lattice where they degrade geometric accuracy and 
mechanical performance.   
 
In terms of process parameter optimization, residual stresses can be reduced through both pre-
heating of the build substrate and adjustment of the laser scan pattern. For instance, Dai & Shaw 
[73] found that use of the “offset-out” pattern was successful in reducing residual stress-related 
distortion. Zhang et al. [75] report that preheating of the substrate improves mechanical properties, 
reduces anisotropy, and reduces the risks of residual stress-related distortion and cracking. In situ 
monitoring and adjustment of process parameters to maintain a constant melt pool size or 
temperature is also effective in reducing inhomogeneous melting and distortion [108]. More 
commonly, residual stresses are simply reduced by applying stress relief heat treatments after 
fabrication, as detailed in the following section.  
 
The above described defects are of great concern due their effects on mechanical properties and 
failure mechanisms in laser deposited parts. Porosity has been shown to negatively influence both 
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ductility and fatigue strength [109]. Under cyclic stresses, pores (particularly those with close 
proximity to the part surface) serve as stress concentration and crack initiation sites, leading 
directly to fatigue failure. When studying the fatigue behavior of laser deposited 316L stainless 
steel, Xue et al. [110] observed that cracking almost exclusively formed at large pores located near 
the sample surface. In the absence of porosity, Prabhu et al. [111] observed a similar crack 
initiation risk for unmelted powder particles present on the surface and within the bulk of laser 
deposited Ti-6Al-4V parts. Once cracks are initiated, their evolution and growth rate is largely 
dependent upon residual stresses in the part [112]. Minimization and evaluation of these defects 
has thus become a major focus of the qualification of laser deposited parts for engineering 
applications.  
 
2.3.7   Post Processing 
 
Post processing of laser deposited components falls under two main categories: surface refinishing 
and heat treating. Average surface roughness of parts fabricated with laser deposition is reported 
to be in the range of 20 – 90 µm [49]. It is the larger laser spot sizes, melt pool sizes, and layer 
thicknesses (and consequently rapid production times) feasible with laser deposition that lead to 
surface roughness values that can reach an order of magnitude higher than those associated with 
powder bed methods. For many applications, this is already an acceptable surface finish. For those 
which depend upon smoother surfaces, process parameters can be optimized to reduce surface 
roughness, but at the expense of multiplying build times [49]. The combination of fast production 
and good surface finish requires an additional refinishing step, consisting of some form of 
machining, grinding, polishing, media blasting, or shot peening. Of course, internal or difficult to 
reach surfaces may be impossible to access with these methods. Non-contact methods, such as 
laser polishing, are also under development. As demonstrated in Dadbakhsh et al. [113] with laser 
deposited Inconel 718, laser polishing is capable of reducing the surface roughness of the part to 
below 2 µm.  
 
Compared to surface refinishing, post fabrication heat treatments are much more common and 
necessary. The goals for applying heat treatments to laser deposited parts vary, and may include 
(1) homogenization of microstructure and properties, (2) coarsening of microstructure, (3) age-
hardening, (4) decomposition of martensite, (5) ductility improvement, (6) residual stress relief, 
and (7) minimization of porosity and lack of fusion defects.  
 
The appropriate choice of heat treatment(s) is determined by both the physical metallurgy of the 
alloy and its starting microstructure and properties in the as-built condition. The most effective 
heat treatments are usually a combination of variations on the standard heat treatments for the 
wrought alloy, and additional treatments aimed at reducing process-related defects. For the case 
of austenitic stainless steels, as-built microstructures tend to exhibit inhomogeneous 
microstructures, elongated grains, and ferrite percentages that far exceed the equilibrium values. 
Of greatest concern is the high ferrite percentage, since this can both reduce ductility at low 
temperatures and promote brittle sigma phase formation at high temperatures. Yadollahi et al. [94] 
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showed that for laser deposited 316L SS, heat treating for 2 hours at 1150°C (equivalent to the 
standard solution annealing procedure for the alloy) was successful in decreasing the ferrite 
percentage and improving ductility. However, this heat treatment also restored an equiaxed grain 
structure and increased the grain size, lowering the ultimate tensile and yield strengths. Choice of 
heat treatment is thus a delicate balance of improving ductility without lowering strength too much 
with excessive microstructural coarsening.  
 
A similar balance is observed for laser deposited Inconel 718, a precipitation hardenable nickel 
alloy. In the as-deposited state, the alloy exhibits low strength since it has not yet undergone 
precipitation reactions, and requires heat treatment to achieve its desired properties. In a detailed 
study by Qi et al. [100], the microstructure and properties of the as-deposited alloy were compared 
with those of several possible heat treatment procedures: (1) homogenization (1093°C), solution 
annealing (954 – 982°C), and aging (718 °C), (2) solution annealing followed by aging, and (3) 
aging only. Aging only achieved tensile strengths equivalent to or exceeding those of the wrought 
alloy, but at far lower elongations. On the opposite end, homogenization and solution annealing 
before aging achieved much higher elongations, but at a 10% reduction in tensile strength.  
 
A third case can be seen in Ti-6Al-4V, an alloy known to have a wide range of microstructures 
and properties accessible with heat treatment. Generally, laser deposited TI-6Al-4V exhibits a finer 
𝛼 lath structures and/or more 𝛼′ martensite than the conventionally processed alloy, leading to 
higher strength and lower ductility. Because of this, post processing heat treatments are usually 
directed towards coarsening the microstructure and eliminating any martensite present in order to 
increase ductility at the expense of slight reductions in strength. Interestingly, even following heat 
treatments, the alloy’s microstructure after laser deposition bears little resemblance to that of the 
wrought alloy, yet the final properties are comparable. A highly detailed review of literature 
reporting on heat treatments applied to additively manufactured Ti-6Al-4V is provided in [114]. 
Since there remains no specifications (or universally applicable procedures)  for post processing 
of additively manufactured alloys, the choice of heat treatments remains at the discretion of the 
user.  
 
When it comes to remedying process-related defects in additively manufactured parts, hot isostatic 
pressing (HIP) is seeing frequent use. HIPing is the well-established process of simultaneously 
exposing a component to high temperatures and high pressures via an inert gas in a closed chamber 
[115]. The elevated temperatures act to increase diffusion rates and reduce the yield strength of 
the material. Combined with the high pressures applied, this allows for the collapsing of internal 
pores and the diffusion of their gases to the surface, with limited grain growth. Its effectiveness in 
closing pores and increasing density is ideal for components that will be exposed to fatigue loading. 
In additively manufactured Ti-6Al-4V, authors have reported that HIPing is successful in 
eliminating gas porosity and lack of fusion defects, at least to the extent at which the defect size is 
below the detectable limit of computed tomography (CT) of ~22µm [112, 114, 116]. A typical HIP 
procedure for the alloy would consist of 2 hours at 900-920°C in a 100 MPa argon atmosphere. 
Another study reported that this type of HIPing cycle resulted in a 6-fold decrease in porosity as 
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measured with 2D etched micrographs [117]. HIP treatment can also eliminate anisotropy in 
tensile and fatigue properties in laser deposited parts [72]. Since HIPing simultaneously provides 
heat treatment similar to that performed at the same temperature without pressure, it can also 
reduce post processing time by combining microstructural evolution and defect elimination into a 
single step. However, like any heat treatment, the ideal parameters will vary from material to 
material and must be dialed in on an alloy-specific basis.   
 
2.3.8   Material Processing Capabilities 
 
Although laser deposition and other additive processes have been successfully applied to a variety 
of metals, the state of processing capabilities varies significantly from alloy to alloy. Depending 
on possible applications and industry demand, some alloys have undergone extensive development 
while others have been largely ignored. Ti-6Al-4V has received particular attention due to its 
widespread use in the aerospace and biomedical industries, both early purveyors of additive 
manufacturing. As such, its final properties and their comparison to those of the wrought alloy are 
rather well-documented [114]. Comparatively, additive manufacturing of low alloy steels is of 
minimal priority due to the low costs of processing these alloys conventionally.  
 
As demonstrated in Table 2-3, processing capabilities are also intimately tied to thermal properties 
such as melting temperature and range, thermal conductivity, and thermal expansion coefficient, 
as well as oxidation properties, solid state phase transformations, and laser absorptivity. In some 
cases, an alloy’s combination of the above properties can make it prohibitively difficult to process 
additively. Aluminum alloys, for instance, have high thermal conductivity and low laser 
absorptivity, a combination that results in reflection and dissipation of almost all of the incident 
laser energy. Furthermore, lightweight aluminum powder exhibits poor flowability, and the molten 
alloy has a tendency to form thin oxide layers that reduce the wettability of newly deposited layers 
[118, 119]. Commonly used high strength wrought aluminum alloys such as 7075 are also more 
difficult to process due to their large melting ranges, or difference between liquidus and solidus 
temperatures (477 – 635 °C). As a result, the community has instead resorted to reviving old casting 
alloys such as AlSi10Mg that lend themselves better to additive processing due to their much more 
narrow melting ranges (AlSi10Mg: 550 – 600 °C)  [119].  
 
The current state of the art for additive processing capabilities is summarized in Table 2-4, which 
provides prominent publications on additive manufacturing of common engineering alloys. It is 
important to note that this table includes capabilities in both laser deposition and other additive 
processes such as selective laser melting (SLM) and electron beam melting (EBM). Although this 
thesis concerns laser deposition only, alloys which have demonstrated compatibility with other 
additive processes are likely to be feasible for laser deposition as well. In addition to this table, the 
reader may refer to Gu et al. [49] for a more detailed review of material processing capabilities 
with laser-based additive systems as of 2012. A more recent status on the processing of titanium 
alloys, steels, and aluminum alloys is also available in Herzog, et al. [58].
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Table 2-4: Summary of present state of material processing capabilities for various additive 
manufacturing processes. 

 

	 Alloy	 Process	 References	

titanium	 Ti–6Al–4V	 LMD	 [120]		Wu	et	al.,	2004	
[121,	122]		Kelly	&	Kampe,	2004	

EBM	 [123]		Facchini	et	al.,	2009	
Ti–6.5Al–3.5Mo–1.5Zr–0.3Si	 LMD	 [124]		Zhu	et	al.,	2014	
Ti–5Al–5Mo–5V–3Cr	 LMD	 [125]		Qui	et	al.,	2015	
Ti–25V–15Cr–2Al–0.2C	 LMD	 [126]		Wu	et	al.,	2004	

austenitic	SS	 316	stainless	steel	 LMD	 [127]		Zhang	et	al.,	2014	
316L	stainless	steel	 LMD	 		[96]		Yang	et	al.,	2017	

LMD	 		[94]		Yadollahi	et	al.,	2015	
SLM	 [128]		Tolosa	et	al.,	2010	

304L	stainless	steel	 LMD	 [129]		Wang	et	al.,	2016	
SLM	 [130]		Abd-Elghany	et	al.,	2012	

martensitic	&	
precipitation	
hardened	SS	

420	stainless	steel	 LMD	 [131]		Ravi	et	al.,	2013	
18Ni-300	maraging	steel	 LMD	 [132]		Jägle	et	al.,	2016	
	 SLM	 [133]		Kempen	et	al.,	2011	
17-4	precipitation	hardening	
stainless	steel	

SLM	 [134]		Murr	et	al.,	2012	
[135]		Facchini	et	al.,	2010	

low	alloy	steel	 4340	 LMD	 [136]		Sun	et	al.,	2011	
	 [137]		Bhattacharya	et	al.,	2011	

nickel	 Inconel	625	 LMD	 [138]		Dinda	et	al.,	2009	
[139]		Paul	et	al.,	2007	

EBM	 [140]		Murr	et	al.,	2011	
Inconel	718	 LMD	 [141]		Parimi	et	al.,	2014	

[142]		Liu	et	al.,	2011	
SLM	 [143]		Jia	&	Gu.,	2014	

Inconel	738	 LMD	 [144]		Zhong	et	al.,	2005	
Inconel	100	 LMD	 [145]		Bi	et	al.,	2014	
Invar	36	 LMD	 [146]		Fessler	et	al.,	1996	

SLM	 [147]		Qui	et	al.,	2016	

aluminum	 6061	 SLM	 [119]		Louvis	et	al.,	2011	
AlSi12	 SLM	 [119]		Louvis	et	al.,	2011	
AlSi10Mg	 SLM	 [148]		Li	&	Gu,	2014	

[149]		Brandl	et	al.,	2012	
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Table 2-4 (cont’d): Summary of present state of material processing capabilities for various additive 
manufacturing processes.  

 

	 Alloy	 Process	 References	

cobalt	 CoCrMo	 SLM	 [150]		Monroy	et	al.,	2013	
CoCrMo	(Stellite	21)	 LMD	 [151]		Mantrala	et	al.,	2015	
CoCr	(ASTM	F75)	 EBM	 [152]		Gaytan	et	al.,	2010	

copper	 Cu	 EBM	 [153]		Lodes	et	al.,	2015	
	 SLM	 [154]		Lykov	et	al.,	2015	

magnesium	 MgAlZn	(AZ91D)	 SLM	 [155]		Wei	et	al.,	2014	
Mg-9%Al	 SLM	 [156]		Zhang	et	al.,	2012	

refractory	metals	 W	 SLM	 [157]		Zhang	et	al.,	2012	
90W-7Ni-3Fe	 SLM	 [158]		Zhang	et	al.,	2010	
Nb	 EBM	 [159]		Terrazas	et	al.,	2016	

 
 

2.4   Challenges 
 
Outside of metallurgy-dominant fields, the challenges associated with joining different types of 
alloys are often underestimated. The reality is that simply melting two metals together rarely 
results in a continuous structure of favorable properties. The following sections are dedicated to 
outlining in depth the inherent incompatibilities encountered when attempting to join dissimilar 
alloys, regardless of the technique used. In addition, the issue of dilution in additive manufacturing 
of multi-material parts is also addressed. Though frequently discussed in welding engineering, 
dilution in laser deposition and its dependency on variable process parameters has yet to be fully 
classified. Considering and overcoming these challenges is an essential task for expanding 
capabilities in the additive manufacturing of functionally graded parts.  
 
2.4.1   Alloy Compatibility  
 
It is well known to the welding industry that obtaining good metallurgical bonding between 
dissimilar alloys is a difficult pursuit. The reasons for this can be understood by considering the 
core principles of physical metallurgy. Alloy design is typically the result of carefully tailoring 
element proportions and thermomechanical processing conditions in order to generate a material 
that has consistent microstructural features and resulting properties. Even minor deviations from 
an alloy’s intended composition or thermal history can at best slightly alter the alloy’s 
performance, and at worst disrupt its most fundamental properties including ductility, strength, 
and corrosion resistance. Thus, inserting a joint into service that contains intermediate 
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compositions or microstructures not corresponding to any qualified alloy is a dangerous, albeit 
common, practice.  
  
Adding to the above issues are the sharp interfaces that are inevitably created when joining alloys 
of substantially different mechanical and thermo-physical properties. In general, a successful 
dissimilar joint is one which is at least as strong as the weaker of the two base alloys. However, 
steep property gradients can serve as stress concentration sites during fabrication and service that 
lead to premature failures unheard of in either base material alone. Abrupt composition changes 
can also play a role, acting as chemical potential gradients that drive alloying elements and 
impurities from one side of the joint to the other, where they exacerbate existing failure 
mechanisms. In some cases, mismatched properties such as thermal conductivity and melting 
temperature can even prevent a given joining process from being carried out at all.  
 
The pervasiveness of these incompatibilities is best conveyed by performing a cross-comparison 
of various engineering alloys, as demonstrated in Table 2-5. Based on both property data and a 
thorough review of welding and joining literature, the contents of this table relay the major physical 
and metallurgical issues associated with joining (and thus grading) any given pair of dissimilar 
alloys. While the impediments to joining a refractory metal with a material such as aluminum may 
be immediately obvious, even alloys which may appear similar can encounter significant joining 
issues. Though it may seem counterintuitive, in the case of ferrous alloys alone, not all steels can 
be considered similar. For instance when comparing low alloy steels, austenitic stainless steels, 
and various martensitic and precipitation hardening steels, the differences in extent of alloying, 
phase composition, and hardening mechanism are substantial enough to generate large property 
mismatches and questionable intermediate compositions.  
 
Upon careful review of Table 2-5, it is clear that most dissimilar joining issues can be embodied 
in three distinct categories: (1) intermetallic formation and solubility limitations, (2) thermal 
property mismatch, and (3) other metallurgical effects. The origin and consequences of each 
category will be detailed in the sections below, along with relevant examples. Through years of 
empirical practice in the welding industry, many of these incompatibilities have actually been 
overcome with dilution control and the creative use of filler metals, interlayers, brazing, high 
energy density beam welding, and nonfusion techniques such as friction stir welding. The 
effectiveness of these practices in accomplishing various dissimilar metal joints has been 
addressed in elsewhere a number of useful reviews [160-163]. As of yet, however, no single joining 
process has proven applicable for all combinations of dissimilar alloys. Historically, each pair has 
been studied independently wherein a unique design and ideal process for the given joint is 
determined. If the joining or grading of dissimilar alloys is to be incorporated into additive 
manufacturing processes, it is both fruitful and necessary to revisit what has already been learned 
through these conventional processes.  
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Table 2-5: Alloy compatibility chart, showing a cross-comparison of various classes of 
engineering alloys and the major issues associated with joining them. Contents are based on 

assessments of both property data and welding literature. 
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titanium	
IM,	TM,	
CTE	

[164-166]	

IM,	TM	
[167,	168]	

IM,	TM	
[169]	

IM,	TM	
[170,	171]	

IM,	TM,	
CTE		

[172,	173]	
IM,	CTE*	 TM,	CTE	

[174]	

PS,	TM,	
CTE,	TC		
[175,	176]	

none*	 TM,	TC	
[177,	178]	

austenitic	SS	 --	 CTE	
[179]	

CTE,	M,	
CM,	S	

[26,	180]	

IM,	CM,		
S		

[181,	182]	

IM,	TM,	
CTE,	TC		
[163]	

none*	
PS,	CTE,	
TC,	TM	
[183]	

PS,	TM,	
CTE		
[184]	

IM,	CTE	
[185]	

IM,	TM,	
CTE	

[186,	187]	

martensitic	&	
precipitation	
hardened	SS	

--	 --	 CM,	OM	
[188,	189]	 none	 IM,	TM,	

CTE,	TC	 none*	
PS,	TC,	
TM	
[190]	

PS,	TM,	
CTE*	 IM*	

IM,	TM,	
CTE	
[29]	

low	alloy	steel	 --	 --	 --	 M,	CP,	S	
[191,	192]	

IM,	TM,	
CTE,	TC		
[163,	193]	

none*	
PS,	TC,	
TM	
[194]	

PS,	TM,	
CTE		
[195]	

IM*	 IM,	TM,	
CTE	

nickel	 --	 --	 --	 --	 IM,	TM,	
CTE,	TC*	 none	 TC,	TM	

[196]	 TM,	CTE*	 IM*	
IM,	TM,	
CTE	
[197]	

aluminum	 --	 --	 --	 --	 --	 IM,	TM,	
CTE*	

IM,	TM	
[198,	199]	

IM		
[200]	

IM,	TM,	
CTE*	

IM,	TM,	
CTE	
[201]	

cobalt	 --	 --	 --	 --	 --	 --	 PS,	TC*	 TM,	CTE*	 IM,	CTE*	 IM,	TM,	
CTE*	

copper	 --	 --	 --	 --	 --	 --	 --	
IM,	TM,	
CTE,	TC	
[202,	203]	

IM,	TM,	
CTE,	TC*	

PS,	TM,	
CTE	

[178,	204]	

magnesium	 --	 --	 --	 --	 --	 --	 --	 --	 PS,	TM,	
CTE*	

PS,	TM,	
CTE*	

zirconium	 --	 --	 --	 --	 --	 --	 --	 --	 --	 IM*	

	
Intermetallic	formation	&	

solubility	limitations	 Thermal	property	mismatch	 Other	metallurgical	effects	

IM	
	

PS	
	

=			brittle	intermetallic		
					formation	
=			poor	solubility	
	

TM	
CTE	

	
TC	

=			melting	temperature	mismatch	
=			coefficient	of	thermal				
					expansion	mismatch	
=			thermal	conductivity	mismatch	

CM		
OM	
CP		
S	
M	

=			carbon	migration	
=			other	species	migration	
=			carbide	precipitation	
=			sensitization	
=			martensite	formation	

none		=		no	known	issues																			
*		=		limited	data	available	
	



 45 

2.4.1.1    Intermetallic Formation and Solubility Limitations 
 
The formation of brittle intermetallic phases is without question the biggest challenge encountered 
when joining dissimilar metals. Few binary systems are characterized by complete solubility over 
all compositions and temperatures. Rather, most that are of interest to us here are marked by limited 
solid solubility and a tendency to form a series of ordered intermetallic phases and stoichiometric 
compounds at intermediate compositions. When considering commercial alloys that contain 5 – 
10 or more alloying elements, the thermodynamic complexity only increases. Not only must the 
major ternary and higher order systems be considered, but even minor alloying elements and 
impurities can stabilize or produce deleterious phases as well.  
 
It is important to note that the sheer presence of intermetallic phases alone does not guarantee 
failure. In fact, many ordered stoichiometric intermetallics, such as nickel and iron aluminides 
(Ni3Al, Fe3Al, FeAl, etc.) have been considered as standalone alloys for their high strength, good 
high temperature properties, and reduced density [205]. However, the nature of the ionic and 
covalent bonding, as well as long range ordering, of such intermetallic compounds also lends to 
their brittleness. It is the inability of these intermetallics to accommodate the thermal and residual 
stresses generated by welding and additive processes that leads to failure, often in the form of 
cracking during fabrication [6, 10, 206]. Even if fabrication is successfully completed, the 
degraded ductility and toughness of the joint can present issues later in service. 
 
From Table 2-5 it can be seen that brittle intermetallics are a particular impediment in the joining 
of titanium alloys with various steels and nickel alloys. A first order judgment on the likelihood of 
intermetallics can be made by consulting the binary phase diagrams for the major constituents of 
the alloys in question. The relevant binary diagrams for the above mentioned systems are given in 
Figure 2-13. Among these diagrams, it is evident that only the Cr-V system exhibits adequate 
solubility. By contrast, the binary systems Fe-Ti, Fe-V, Ni-Ti, Ni-V and Cr-Ti all contain a number 
of thermodynamically stable intermetallics known to be hard and brittle. Of course, the likelihood 
of occurrence for these deleterious phases is not just dependent on thermodynamics, but also on 
the associated kinetics and the thermal history of the joint, which will vary depending on the 
manufacturing process. In some cases, reducing the heat input or employing a non-fusion process 
can reduce intermetallic formation enough to ensure adequate properties in the joint [163]. 
However, some dissimilar metal combinations, such as titanium and steel, are exceedingly more 
challenging. Whether prepared with fusion welding, brazing, friction stir welding, diffusion 
bonding, or explosive bonding, titanium-steel joints consistently suffer from cracking and poor 
bend ductility as a direct result of brittle FeTi and Fe2Ti intermetallics [164-166, 169]. Similarly, 
joints between titanium and nickel alloys exhibit a complex phase evolution involving a series of 
intermetallics and associated cracking [170, 171]. Regardless of processing conditions, a direct 
metallurgical bond of favorable properties between Ti and Fe or Ni has yet to be demonstrated. 
Similar intermetallic issues are encountered in many other alloy systems, the details of which can 
be found in the references of Table 2-5. 
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    (a)                (b) 
 

           
    (c)                    (d) 
 

           
            (e)               (f) 

Figure 2-13: Binary phase diagrams for the (a) Fe-Ti system, showing FeTi and Fe2Ti brittle 
intermetallic compounds, (b) Fe-V system containing large field corresponding to a hard, brittle 

sigma phase, (c) Ni-Ti system with TiNi3, TiNi, and Ti2Ni intermetallics, (d) Ni-V system containing 
intermetallic compounds in addition to a sigma phase, (e) Cr-Ti system with brittle TiCr2 

intermetallic, and (f) Cr-V system displaying complete solubility. All diagrams were generated with 
Thermo-Calc using the TCBIN binary database.  
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In addition to intermetallic formation, adequate bonding is also limited in binary systems that 
exhibit large miscibility gaps, such as the Fe-Cu system [34]. Due to a lack of inter-solubility, 
direct fusion bonding of Fe- and Cu-based alloys causes the two to segregate into discrete droplets 
rather than form a continuous solid solution [183, 207, 208]. This leads to inhomogeneous 
properties in the joint fusion zone. In the case of joining ferritic or martensitic steels with copper, 
segregation of the steel and copper can also exacerbate the effects of copper’s higher coefficient 
of thermal expansion. As the copper experiences shrinkage in the steel matrix, porosity and 
microcracks develop [208].  
 
One tactic commonly used in the welding industry to overcome solubility issues is the introduction 
of a third dissimilar metal that acts as an interlayer. Interlayers can be accommodated with both 
fusion and non-fusion processes, including laser and electron beam welding [209, 210], diffusion 
bonding [190], and friction welding [188]. Ideally, the interlayer metal is capable of forming 
continuous solid solutions with both base materials, has similar thermo-physical properties to both, 
and is present in sufficient thickness to prevent the two base metals from intermixing. However, 
for any given combination of alloys, it is not necessarily the case that such a metal exists. Joints 
from steel to copper benefit from the use of a nickel interlayer due to its nearly unlimited solubility 
with both iron and copper. However, for titanium-steel joints, those metals which form continuous 
solid solutions with titanium, including V, Mo, Zr, Ta, and Nb, are not compatible with iron. 
Vanadium, for example, is easily joined with titanium alloys, but massively accelerates the 
formation of a hard, brittle sigma phase in stainless steels [211]. Some studies have attempted to 
solve this issue by incorporating a combination of several dissimilar metal interlayers, thereby 
taking a more convoluted path in composition space. However, this tends to complicate matters by 
introducing additional sharp interfaces [212]. One must also ascertain that each interlayer material 
is suitable for the joint’s intended service environment. Unfortunately, viable processes for 
incorporating interlayers also tend to be geometrically limited and result in abrupt property 
changes that occur over just tens to hundreds of microns. Additive manufacturing, by contrast, 
comes with a unique set of capabilities that can be exploited to overcome these challenges. 
Strategies for doing so are discussed in Chapter 3. 
 
2.4.1.2    Thermal Property Mismatch 
 
Joining almost any pair of dissimilar alloys requires specific efforts to overcome large differences 
in one of more thermal and thermo-physical properties, including melting temperature, coefficient 
of thermal expansion (CTE), and thermal conductivity. Unsurprisingly, fusion processes requiring 
the full melting of base materials cannot easily accommodate the joining of low melting alloys 
based on aluminum (TM = 660 °C), magnesium (TM = 650 °C), and copper (TM = 1085 °C) with 
higher melting steels (TM = 1400 – 1450 °C), nickel alloys (TM = 1290 – 1430 °C), and titanium 
(TM = 1660 °C). Similarly, with the melting temperature of a refractory metal such as tungsten (TM 
= 3422 °C) exceeding the vaporization temperature of iron (TV = 2862 °C), traditional welding of 
steel to tungsten is simply not an option. For fusion processes, a large mismatch in melting 
temperature not only leads to non-uniform heat flow and dilution, but also tends to cause cracking 
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in the lower melting alloy during solidification [213]. In some cases, crack prevention can be 
accomplished with the use of a filler metal or buttering layer of intermediate melting temperature. 
However, for more extreme mismatches, suitable bonding requires the use of solid state processes 
such as friction stir welding and diffusion bonding. Brazing is also useful, as it allows the melting 
of either base metal to be avoided.  
 
Similar issues arise when joining alloys of significantly different thermal conductivity [214]. 
Uneven heat flow occurs due to heat dissipating away from the weld interface more quickly in the 
higher thermal conductivity material. The result is distortion and often a lack of complete fusion 
of the lower conductivity material due to insufficient heat present. Strategies to overcome this 
issue with fusion welding typically involve delivering heat preferentially to the higher thermal 
conductivity metal, whether through preheating or directing the weld heat source to be slightly 
offset from the interface. These issues are encountered most frequently in dissimilar joints 
involving aluminum and copper due to their particularly high thermal conductivities. For instance, 
the thermal conductivity of aluminum is a factor of three higher than that of carbon steel, and 
almost fifteen times larger than that of austenitic stainless steel.  
 
It can be gathered from Tables 2-1 and 2-5 that thermal expansion mismatch is also a very 
prevalent property mismatch issue. As a dissimilar joint is cooled, any difference in CTE between 
the two alloys will result in unequal amounts of thermal contraction. As a result, stress 
concentrations develop at the joint interface. Due to its increased contraction, the metal of higher 
CTE experiences tensile stresses, while the lower CTE material is subjected to compressive 
stresses. The magnitude of the resulting stress, 𝜎, is directly related to both the temperature change, 
ΔT, and the difference in CTE between the two materials, (𝛼M − 𝛼O): 
 

𝜎 =
ΔT
𝐸 (𝛼M − 𝛼O) 

 

where 𝐸 is the average modulus of elasticity [215].  
 
The above relation is based on the assumption that a stress-free temperature exists, corresponding 
to the temperature at which residual stresses are spontaneously relieved by relaxation. It is well 
known that for similar welds without any CTE mismatch, residual stresses still arise from 
inhomogeneous expansion and contraction caused by gradients in temperature and cooling rates. 
Thus a post weld heat treatment at an elevated temperature is frequently employed to relieve these 
stresses. However, for a dissimilar weld containing a sharp CTE interface, it cannot be avoided 
that following any such heat treatment, a new set of residual stresses will be generated when the 
joint is returned to a lower temperature. This means that unlike in similar welds, the residual 
stresses in dissimilar welds cannot be fully “healed” with heat treatment.  
 
It is not uncommon for the CTE-induced stresses to exceed the yield stress of one or both base 
materials, in which case plastic deformation can ensue. This typically manifests as the initiation 
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and propagation of cracks at the joint interface during cooling. For large differences in CTE, 
fabricating a joint free of cracking is a major difficulty. However, even minor differences in CTE 
can lead to residual stresses that, unable to induce plastic flow, persist in the material and degrade 
service performance. For parts with service requirements involving elevated temperatures and/or 
thermal cycling, the residual stresses are effectively superimposed on the external stresses applied 
on the component, thus acting to change rates of creep, fatigue, and stress corrosion cracking.  
 
Issues from thermal expansion mismatch have become particularly prominent in welds joining 
austenitic alloys (stainless steels and nickel-based alloys) with ferritic alloys (carbon and low-alloy 
steels) [26, 180, 215]. These dissimilar joints are incorporated in the thousands in fossil-fired and 
nuclear power plants, where they serve to join the higher and lower operating temperature 
components of the plant heat exchangers. The 30-40% difference in CTE between the two alloys 
combined with thermal cycling during plant startups and shutdowns cause localized stresses to 
develop at the joint interface. Over time, these stresses contribute to the formation of creep voids 
and lead to premature failures after only 15-20 years of operation.  
 
Efforts to reduce thermal expansion-related stresses typically involve the use of a dissimilar 
interlayer or filler metal with an intermediate CTE, thus distributing the stress over two interfaces 
rather than one. Even so, finite element modeling by Brentrup, et al. [27] suggests that introducing 
only one additional interface is insufficient to ensure that the thermal stresses generated during 
service don’t exceed the yield stress of either base material, let alone contribute to premature 
failure. Ultimately, sharp property interfaces are difficult to avoid in conventional welding and 
joining processes, and the ability to realize more complex joint designs is rather limited.  
 
2.4.1.3    Other Metallurgical Issues 
 
In addition to the above described alloy incompatibilities, there are a number of more subtle and 
insidious metallurgical issues known to degrade the properties of dissimilar joints. Disrupting the 
carefully tailored composition of an alloy with a dissimilar joint invites the very metallurgical 
issues that the alloy was designed to avoid. Among the most commonly documented issues are 
related to the migration of species across the joint interface, either as a result or dilution during 
welding, or diffusion afterwards. Though possible in many alloy systems, these issues are 
particularly well-documented in joints involving steels and nickel alloys, partly based on selection 
bias; decades of attention has been devoted to building a deep understanding of this class of 
dissimilar joints for their use in energy applications [26]. Due to good chemical compatibility and 
similar thermo-physical properties, Fe- and Ni-based dissimilar joints are fabricated with relative 
ease and appear to display favorable properties. Nonetheless, careful joint design is still needed to 
avoid unwanted metallurgical effects.  
 
For the ferritic-austenitic joints frequently discussed in this review, it is well-documented that 
carbon migration is a major contributor to failure [25, 26, 47, 180, 216]. Although there is little 
difference in carbon content between creep-resistance grades of low alloy steel and austenitic 
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stainless steel, the major difference in chromium content is enough to create a chemical potential 
gradient that induces carbon migration across the joint interface. The result is that carbon diffuses 
away from the ferritic side of the joint, leaving behind a soft carbon-denuded zone, and towards 
the austenitic side, where hardening carbides form. Combined with the thermal stresses detailed 
above, these metallurgical changes contribute to the development of creep voids and eventually 
creep rupture [47].  
 
Carbon migration can also lead to sensitization in alloys which rely on high chromium and minimal 
carbon contents for corrosion resistance [180]. Chromium carbides form preferentially along grain 
boundaries, depleting the adjacent material of dissolved chromium and increasing susceptibility to 
localized corrosive attack. It is this mechanism that is thought to enhance stress corrosion cracking 
in dissimilar welds between low alloy ferritic steel and austenitic stainless steel in nuclear power 
plants [24]. Mitigating this effect with welding is typically a matter of tailoring the filler metal 
composition, for instance by introducing excess chromium and thus reducing the likelihood of its 
depletion.  
 
Similar issues are encountered in the joining of low alloy steels with precipitation-hardening 
maraging steels. Whereas low alloy steels can contain appreciable amounts of carbon (0.18-0.50% 
wt), manganese (0.6-1.0%wt), and silicon (0.15-0.30%wt), the properties of maraging steels rely 
on a delicate compositional balance with minimal contents of carbon and impurities. When joining 
the two alloys, a combination of dilution and diffusion causes these elements to migrate 
undesirably from the low alloy steel to the maraging steel, where they segregate to interdendritic 
regions and induce hot cracking [188, 189]. Only a combination of solid state joining and 
compositionally tailored interlayers has been successful in counteracting this effect [188].  
 
Nickel-based alloys are also not immune to metallurgical issues when joined with austenitic steels 
[181, 182]. Again, the weld integrity depends on tight compositional control at the joint interface 
due to the complex interplay between the many alloying elements and impurities. For instance, 
nickel superalloys often contain small quantities of elements such as niobium which form fine 
scale strengthening precipitates. However, at the interface of joints with austenitic stainless steel, 
Nb from the nickel alloy has a tendency to segregate to interdendritic regions where it instead 
forms brittle Nb-rich compounds and degrades mechanical properties. Again, adjusting the filler 
metal composition for each joint is the most effective method for controlling these effects.  
 
Finally, a most interesting example is the phenomenon of solidification cracking in joints involving 
austenitic stainless steel [217-220]. It has long been established that when welding austenitic 
stainless steels, care must be taken to ensure that the weld metal does not solidify in the primary 
austenite phase, and ultimately contains a small percentage of ferrite. If this is not the case, the 
weld metal will be prone to solidification cracking due to the formation of low-melting phases that 
persist along grain boundaries and fail to support the stresses of shrinkage during solidification. 
Since the low-melting phases are composed of impurities (e.g. FeS), their presence can be managed 
in one of two ways: (1) by reducing impurities to extremely low levels, or (2) by tailoring the weld 
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metal composition such that a small amount of ferrite is present, which has a higher solubility for 
the harmful impurities and therefore prevents the formation of low melting phases. This means 
avoiding joining an austenitic stainless steel with an alloy of higher impurity levels, and ensuring 
the desired phases and solidification mode are maintained along the joint.  
 
The metallurgical phenomena described above are a testament to the fact that tight control over 
composition along the interface is imperative even in cases of joining highly soluble metals. 
Compositional tailoring of filler metals and interlayers can accomplish this to a certain extent, 
however conventional joining processes are still limited when it comes to regulating dilution and 
achieving smooth concentration gradients. This suggests that the enhanced composition control 
and smoother grading afforded by additive manufacturing would be valuable in reducing these 
effects.   
 
2.4.2   Dilution  
 
Dilution has long been a topic of significance in the study of both laser cladding processes and 
dissimilar welding. If not tightly controlled, dilution of alloying elements can fundamentally 
change material properties and metallurgy, causing issues ranging from unwanted precipitate 
formation to hot cracking [214, 221]. Fortunately, additive manufacturing processes offer much 
more enhanced control over dilution than most welding processes. However, the nature of fusion 
processes such as laser deposition mean that it is impossible to entirely eliminate, and thus must 
be considered when compositional grading is involved. 
 
In laser processing, dilution is a dimensionless term defined as the ratio of the cross sectional area 
of the substrate melted to that of the total melted zone, given by 
 

𝐷 =
𝐴TUV

𝐴TUV + 𝐴WXYZ
 

 

where 𝐴TUV and 𝐴WXYZ are the areas of the substrate and clad, respectively, as shown in Figure  
2-14(a). For a clad layer with differing composition from the substrate, dilution can also be 
calculated by comparing the actual composition of the clad layer to its nominal composition.  
 
In both directed energy deposition and powder bed additive processes, some amount of dilution is 
inevitable since achieving continuity in the build requires that a fraction of the previous layer be 
re-melted upon fusion of the subsequent layer. Within the melt pool, convection currents and 
variations in surface tension (Marangoni effect) cause fluid flow, mixing the previously remelted 
layer material with the newly introduced powder. This leads to a non-negligible amount of 
intermixing between adjacent layers, the extent of which may vary depending upon material 
properties and process parameters. For functionally graded materials, the result is that the actual 
composition gradient rarely matches the intended stepwise function [50]. Rather, composition  
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(a) 

 
Composition	along	laser	deposited		

gradient	from	Ti-6Al-4V	to	Inconel	625	

 
(b) 

Figure 2-14: (a) Schematic illustrating conventional definition of dilution, as defined for cladding 
and welding processes. (b) Comparison of nominal and EDS-measured weight percentages of 

titanium and nickel along a gradient component transitioning from Ti-6Al-4V to Inconel 625 in 
25%vol. increments.  

 
 
steps become blurred, and alloying elements tend to get effectively drawn up the build several 
layers beyond that at which they ceased being added.  
 
The consequences of this dilution on the final state of the component can vary significantly. In one 
respect, layer-to-layer dilution can naturally induce a more gradual composition gradient, even in 
cases where one alloy is simply deposited directly on top of another. This has been referred to as 
“self-grading” [222, 223]. Since a gradient can be achieved this way without the use of multiple 
powder feeders, “self-grading” can be exploited to produce functionally graded parts with a wider 
range of systems and processes. However, in multiple feeder systems, dilution also ultimately 
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reduces the precision with which composition gradients can be created. An example of the extent 
to which dilution can alter the final composition gradient can be seen in Figure 2-14(b). The dotted 
lines show the nominal (intended) weight percentages of titanium and nickel along a laser 
deposited part that transitions from Ti-6Al-4V to Inconel 625 in 25%vol. steps. Note that 10 layers 
were deposited at each composition step, and the build was halted at 75%vol. Inconel 625 due to 
cracking. Due to dilution, the composition as measured with EDS deviates significantly from the 
step-function according to which the material was deposited, becoming almost smoothly varying 
from layer to layer. As additional layers are deposited, both the average temperature of the build 
and the extent of remelting and dilution increase, making the divergence progressively more 
pronounced.  
 
Precise control over the stepwise composition gradient is particularly important in cases where 
intermediate composition ranges between two alloys display unfavorable properties (e.g. reduced 
corrosion resistance). Similarly, when considerable intermixing between two alloys is undesirable 
due to brittle intermetallic formation, dilution must be reduced as much as possible through careful 
adjustment of processing parameters. Even so, part to part variations in temperature gradients and 
cooling rates may still lead to differences in the actual observed composition steps. The ability to 
consistently avoid problematic intermediate composition ranges is thus challenging.  
 
The effect of various process parameters on the extent of dilution in laser-based systems has been 
investigated independently by many authors. Relevant laser cladding studies in the mid-1990s and 
early 2000s were generally motivated by the goal of limiting dilution to between 2% and 10% to 
ensure good adherence of the clad without sacrificing its favorable properties [224-226]. 
Unsurprisingly, the use of a higher laser power and/or substrate preheating provides more energy 
to melt the substrate material and increases the dilution zone [10, 227]. Travel speed also plays a 
significant role, since low travel speeds mean the powder mass per unit length is effectively higher 
[43]. This limits heating of the substrate, and dilution is consequently minimal. A similar effect is 
observed for high powder mass feed rates [48].  
 
In addition to these qualitative observations, substantial advances in modeling have been made to 
establish more comprehensive mathematical relationships between dilution and laser deposition 
process parameters [228]. However, these models have yet to be implemented explicitly for 
functionally graded parts, despite being readily applicable. Thus far, studies which address dilution 
in functionally graded additive builds have limited the discussion to qualitative and system-
specific relations [10, 43, 222]. Ultimately, widespread and consistent fabrication of additive 
gradients would greatly benefit from a more generalized approach to predicting the final material 
distribution when dilution is taken into account.  
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2.5   Previous Work 
 
This section is devoted to summarizing the majority of published works on the use of additive 
manufacturing to fabricate metallic components of spatially varying composition. To date, most 
relevant studies have been confined to working within the solubility limits of major alloying 
elements, or joining alloys of similar microstructure and thermo-physical properties. Strong 
metallurgical bonding is expected in these cases, so successful gradients are common. Of those 
studies that have ventured to attempt more challenging combinations of alloys, few have resulted 
in gradients that are both complete and free of defects originating from alloy incompatibility. 
Future efforts in developing specific additive gradients can benefit from consulting the results 
below.    
 
2.5.1  Ti-alloy gradients 
 
Several titanium-based gradient studies have made use of additive grading as a means to perform 
combinatorial studies geared towards alloy development. This is done by blending feedstock 
powders in laser deposition in order to map a wide range of alloy compositions in a single 
component. Collins and Banerjee et al. [11, 229] applied this method to investigate the 
microstructural and mechanical property changes that occur as increasing amounts of V and Mo 
are added to elemental Ti. Gradients transitioning from pure Ti to Ti-25at% V or Ti-25at% Mo 
were deposited over a series of 10 increments using a dual powder feeder laser deposition system. 
The authors found that it is feasible to spatially tailor microstructure, phase composition, and 
hardness for particular applications even with subtle amounts of in situ alloying.  
 
In a more applied study, Liang et al. [223, 230] combined the high strength of structural alloy Ti-
6Al-2Zr-1Mo-1V with the low cost and high ductility of low-alloyed commercially pure Ti (CP-
Ti) by fabricating laser deposition graded components. Although the structural alloy was deposited 
directly on top of the CP-Ti without intermediate steps, a gradient composition region over several 
layers was still observed due to remelting and dilution (“self-grading”). Uniaxial tensile testing 
confirmed that joining the two alloys resulted in a component of superior strength-ductility 
balance. The authors suggest that this combination of properties may be better suited for the 
complex stress distribution experienced by load bearing aerospace components.  
 
A similar study by Ren et al. [231] tackled the issue of variations in high temperature property 
requirements within aircraft bladed turbine disks (blisks). With service temperatures increasing 
towards the edge of the blisk, superior creep performance and high temperature strength are needed 
in these areas. However, this must not come at the cost of sacrificing fatigue resistance and tensile 
strength at the center of the blisk. No single material meets these criteria, however the authors 
suggest that the differences in service requirements could be accommodated with freeform 
manufacturing of gradient components transitioning between two different titanium-based alloys: 
Ti-6Al-4V and Ti-6.5Al-3.5Mo-1.5Zr-0.3Si. Laser deposition was used to layer the latter alloy 
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direction atop the former, producing a stepwise composition gradient through repeated remelting. 
Since both alloys share a similar alpha-beta titanium microstructure, the microstructural evolution 
along the gradient was confined to gradual changes in the volume fraction and width of the 𝛼-
laths. Assuming good metallurgical bonding is attained, a gradient or joint is typically expected to 
exhibit a tensile strength comparable to the weaker of the two alloys. In this case, the ultimate 
tensile strength and yield strength of the laser deposited gradients fell between the literature values 
for either wrought alloy, an indicator of both adequate bonding and microstructure refinement 
resulting from the rapid cooling rates associated with the process. 
 
2.5.2   Ti-alloy to Ni-alloy gradients 
 
In response to the rather significant incompatibilities of titanium and nickel in welding, there have 
been several known efforts to overcome these issues through additively manufacturing Ti-Ni 
graded components. Domack et al. [52] compared the results of three techniques, laser deposition, 
flat wire welding, and ultrasonic consolidation, for additively manufacturing Ti-6Al-4V to Inconel 
718 joints. Components fabricated with the two fusion processes (laser deposition and flat wire 
welding) exhibited macroscopic cracking in the gradient region, as well as segregation of alloying 
elements and Al-, Cr- and Ti-rich inclusions. These effects were partially mitigated with the use 
of the nonfusion ultrasonic method, however large voids that developed from the knurled surface 
of the sonotrode limited the amount of metallurgical bonding possible.  
 
Laser deposited radients from pure Ti to Rene88DT nickel superalloy were later explored by Lin 
et al. [8] as a means to achieve cost and weight savings in components that encounter extremely 
high temperatures only in certain locations. Equilibrium phases and expected phase 
transformations were modeled with the Ti-Ni binary system and experimentally determined with 
XRD and SEM imaging. A rather complex evolution of phase and microstructure was observed 
along the composition gradient, with Ti2Ni and TiNi intermetallics appearing in various 
morphologies as more nickel alloy is added. Hardness along the build also increased accordingly. 
The composition gradient was discontinued at 60 wt.% Rene88DT, presumably due to cracking 
during deposition, although this is not explicitly stated in the text.   
 
Shah [206] has since built upon these efforts with a detailed study of depositing Inconel 718 on 
top of a Ti-6Al-4V substrate. Both continuous and pulsed laser deposition were utilized, along 
with a set of different powder mass flow rates, to determine the effect of these parameters on the 
cracking susceptibility of the final parts. Most builds exhibited severe cracking at the interface 
accompanied by Ti2Ni and TiNi3 intermetallics, however reduced powder mass flow rates helped 
to suppress cracking. Finite element analysis performed by Shah suggests the reason for this is that 
a low powder flow rate leads to smaller thermal stresses at the interface, thus reducing cracking 
despite the unavoidable presence of brittle intermetallics. Reduced stresses are also predicted for 
pulsed wave deposition compared to continuous, although cracking is still observed regardless of 
the laser duty cycle in this study. Nonetheless, this work demonstrates the significant effect that 
process parameters can have on the final properties of gradient composition parts.  
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The effect of strategic composition path adjustments on the integrity of Ti to Ni gradients was also 
investigated in the thesis of Pulugurtha [10]. The study showed that direct deposition of Inconel 
625 on a Ti-6Al-4V substrate results in thermal expansion-related cracking, while a continuous 
gradient in 10% steps suffers from brittle TiNi intermetallic formation in interdendritic regions, 
also leading to cracking. Instead, a discontinuous gradient path was employed, in which Ti-6Al-
4V transitions to 50% Inconel in 10% steps, followed by a direct jump to 100% Inconel. Although 
crack-free gradients were ultimately produced, this was only accomplished when coupled with an 
unfavorable combination process parameters, consisting of a high laser power, high travel speed, 
and high powder feed rate. This coincided with very low powder utilization, long fabrication times, 
and significant underbuilding.  
 
The above studies confirm that Ti-Ni is a particularly thermodynamically complex system with a 
series of intermetallic phases precipitating directly from the liquid over wide composition ranges. 
These phases are likewise observed in non-fusion joining of Ti and Ni, for which the mechanical 
properties at the interface can be made acceptable only by reducing the distance over which 
intermetallics form to ~1-2 µm [170]. In fusion-based additive processes, this type of abrupt 
composition change is not only difficult, but also detrimental due to the thermal expansion 
mismatch between the two alloys. Although smoother grading combined with the right 
combination of process parameters may help moderate crack-inducing stresses, this alone is 
unlikely to prevent intermetallic formation. Ultimately, successful grading between Ti- and Ni-
alloys using any fusion process may require compositional circumvention through the methods 
outlined later in Section 3.1.2. 
 
2.5.3   Ti-alloy to steel gradients 
 
Like Ti-Ni based gradients, transitions between titanium and any ferrous alloy are particularly 
challenging due to brittle intermetallic formation. Besides the work contained in this thesis, 
additive manufacturing of titanium to steel gradients has only been reported on one other occasion, 
in Sahasrabudhe et al. [232] in 2015. The authors used laser deposition to fabricate bimetallic 
structures of 410 martensitic stainless steel with Ti-6Al-4V. Unsurprisingly, direct deposition of 
the titanium alloy on a stainless steel substrate resulted in brittle FeTi intermetallics, which 
combined with residual stresses caused delamination. Compositional grading between the two 
alloys also failed. Improvements were seen through first depositing a thick layer of NiCr to act as 
an interlayer. However, the interface between the NiCr and Ti-6Al-4V layers consisted of 
segregated, globular phases of differing Ti and Ni contents, and NiTi intermetallics were detected 
with XRD. Although no cracking occurred during fabrication, it has not been reported what effect 
these intermediate phases may have on the final mechanical properties of the gradient. Successful 
gradients between titanium and steel have not yet been fabricated, and results to date suggest that 
more attention must be directed towards identifying an amicable composition path. Accomplishing 
this has become a major task of this thesis work and the subject of Chapter 4.   
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2.5.4   Austenitic Fe- to Ni-based gradients 
 
With minimal changes in thermo-physical properties and good solubility, austenitic steel and 
nickel-based alloy gradients can be fabricated with relative ease. Among the first to demonstrate 
this was Lin et al. [7], who laser deposited gradients from 316L SS to nickel superalloy Rene88DT 
for potential use in aero engines. The composition gradient extended over 100 0.4mm-thick layers, 
with a composition change of 1% each layer, allowing for a meticulous study of solidification 
behavior as a function of composition. Of main concern to the authors was achieving continuity 
of the grain morphology and avoiding a columnar to equiaxed transition, which would negatively 
affect service at high temperatures. The fraction of the precipitation hardening 𝛾′ phase was also 
predicted with equilibrium calculations, and coincided well with a gradual increase in hardness 
observed as the percentage of nickel alloy increased. 
 
More recent studies by Shah et al. [9, 206] have focused on laser deposition of gradients between 
316L SS and Inconel 718. Although these alloys are frequently joined via fusion welding, the weld 
metal and heat affected zones are highly susceptible to solidification cracking [233]. The cracking 
mechanism is dominated by composition effects; alloying elements and impurities segregate to 
interdendritic regions and cause low melting liquid films to persist along grain boundaries. Such 
composition effects are difficult to avoid, but a simple reduction in grain size has been shown to 
reduce cracking [233]. The authors note that unlike traditional welding, laser deposition of these 
joints presents a unique opportunity to fine-tune process parameters in order to induce grain 
refinement. It was found that low laser powers resulted in higher cooling rates and a finer 
microstructure, however the influence of this laser deposited microstructure on solidification 
cracking was not directly investigated.   
 
The same combination of alloys has since been studied by Hinojos et al. [234] for applications in 
nuclear reactor pressure tubes. The study was driven by a need to expand the possibilities for joint 
geometries and eliminate the need for dissimilar composition filler metals that negatively affect 
joint mechanical properties. In this case, an electron beam melting (EBM) system was used to 
make a direct transition by melting Inconel 718 directly on top of a wrought 316L SS base plate, 
and vice versa. Some self-grading resulted over several layers, and a heat affected zone developed 
in the wrought base material. The EBM processed joints showed substantial improvements over 
traditional welding in terms of the heat affected zone size and properties, with detrimental 
secondary phases such as NbC and Ni3Nb forming over a much more limited region.  
 
Most recently, Carroll et al. [235] fabricated and characterized laser-deposited gradients from 
Inconel 625, a non-precipitation-hardenable nickel alloy, to 304L stainless steel. Potential 
applications include complex geometry gradient components that combine the high temperature 
strength and corrosion resistance of IN625 with the relatively low cost of 304LSS, such as high-
end automobile engine valve stems. Compositional grading was performed in 4% steps over 24 
0.5mm thick layers, and the composition measured along the gradient closely followed the 
specified plan, indicating minimal dilution and evaporative losses. Of note in this work is the rather 
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striking use of the CALPHAD method to successfully predict the stability of crack-inducing 
secondary phases at various compositions along the gradient. A solid methodology is established 
for combining experimental characterization with computational thermodynamics to predict and 
understand property evolution along the gradient. 
 
2.5.5   Austenitic-ferritic gradients 
 
Due to their prevalent use in fossil-fired and nuclear power plant heat exchangers, austenitic-
ferritic joints have been the subject of a significant volume of welding literature [25, 26, 47, 180, 
215, 216]. In a study by Brentrup et al. [27], finite element modeling suggests that replacing 
dissimilar austenitic-ferritic welds with more smoothly graded transition joints could alleviate 
failures related to mismatched thermal expansion coefficients and steep concentration gradients. 
Demonstrating of this concept has been rather limited, in part due to a lack of powder availability 
for the ferritic alloys of interest.  In 2007, Farren, DuPont, and Noecker [12] first used laser 
deposition to fabricate gradients from 316 stainless steel to 1085 carbon steel. As a high carbon 
(0.8-0.93 wt% C) steel of mixed microstructure depending on cooling rate, 1085 results in a 
substantially different microstructural evolution than would be expected for the low-carbon (0.05-
0.15 wt% C) creep-resistant ferritic alloys typically used in heat exchangers (e.g. 2.25Cr-1Mo 
steel). In last few years, low volume powder batches for low alloy steels have become more widely 
available. It would therefore be of great use to repeat this study with the industry relevant alloys.  
 
In 2013, Brentrup and DuPont [47] circumvented the powder availability issue by using dual-wire 
gas tungsten arc welding (GTAW) to fabricate linear gradients from 2.25Cr-1Mo steel to several 
different austenitic alloys, including Inconel 800, Inconel 82, and 347 stainless steel. Despite less 
advanced process control and geometric freedom than laser deposition, the GTAW method 
allowed for faster deposition rates and use of readily available feedstock material. The resulting 
graded joints exhibited smoothly varying composition and properties, with hardness changes at the 
austenite to martensite transition extending over several millimeters. Phase evolution also closely 
followed that predicted based on the Schaeffler microstructural constitution diagram for welded 
steels.  
 
2.5.6   Steel to copper gradients 
 
Steel to copper transitions have been the focus of several early FGM studies due to their potential 
use in manufacturing tooling. Dies and molds are typically fabricated from tool steels (e.g. H13) 
to achieve good wear resistance, but the low thermal conductivity of these steels leads to long 
cycle times and uneven temperature distributions. Superior heat transfer properties could be 
achieved by incorporating copper to form a multi-material mold of complex geometry with a 
higher net thermal conductivity.  
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Attempts at carrying out steel to copper gradients with additive manufacturing have met significant 
challenges with the high reflectivity of copper, poor mutual solubility of Fe and Cu, large melting 
range at intermediate Fe-Cu compositions, and nontrivial differences in thermal conductivity and 
melting temperature between the two metals. Imran, et al. [236] showed that laser deposition of 
H13 tool steel on top of copper not only results in porosity and microcracks, but can also cause 
significant damage to the machine from reflection of the high power laser beam. An alternative 
approach by Beal, et al. [237] used a laser-based powder bed process with a partitioned powder 
hopper loaded with varying mixtures of H13 steel and copper. The resulting gradient contained a 
composition gradient up to 50% Cu in the transverse direction of the build, with porosity and 
cracks throughout.  
 
In a study by Noecker & DuPont [238], functionally graded H13 steel to copper parts fabricated 
with laser deposition exhibited both solidification cracking and porosity, the extent of which varied 
with composition along the gradient. The authors carried out a dilution experiment and determined 
that susceptibility to solidification cracking is highest from 11.5 – 50%wt. Cu. Future steel to 
copper gradients may see reduced cracking if this intermediate composition range is avoided. 
However, significant progress with processing copper alone with laser-based additive systems 
must be made before composition gradients involving copper can be considered feasible.  
 
2.5.7   Metal-ceramic and metal-matrix composite gradients 
 
Although the focus of this thesis is fully metallic gradients, a number of studies worth mentioning 
have appeared on the additive manufacturing of metal-ceramic and metal-matrix composite 
gradients. The motivation has largely been based on the fact that thermal barrier coatings (TBCs) 
composed of low thermal conductivity materials such as ceramic Zirconia can benefit from 
functional grading. Traditionally, methods to apply these coatings to components have included 
plasma spraying, electroplating, diffusion saturation, and electron beam physical vapor deposition 
[239]. However, the abrupt change in thermal properties and relatively poor bonding strength can 
lead to failure when the coating interfaces are subjected to cyclic thermal and mechanical stresses. 
By contrast, functional grading may alleviate these defects by creating a gradual transition in 
properties, reducing residual and thermal stresses. This is expected to improve performance in 
applications associated with large thermal gradients, such as aerospace engine parts.  
 
Mumtaz et al. [239], for example, demonstrated that the need for a bond coat in TBCs could be 
eliminated by gradually transitioning from a metallic component to its ceramic coating. The 
authors used selective laser melting to fabricate specimens beginning with the nickel superalloy, 
Waspaloy, and transitioning to 10%vol. partially stabilized ceramic Zirconia in a series of steps by 
manually blending the two powder types. Due to the significant differences in density, melting 
temperature, and thermal conductivity between the Waspaloy and Zirconia, segregation of the two 
materials was observed in the gradient zone. However, the good wettability and a dense structure 
observed suggests that the processing parameters chosen were suitable for producing dense and 
crack-free parts. Of course, further testing is needed to determine whether the use of the SLM 
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process in this case improves the properties of the thermal barrier coating over conventional 
methods.  
 
Similar motivations were cited in a study by Balla, et al. [240] that focused on functionally graded 
yttria-stabilized zirconia coatings applied to 316L SS using laser deposition. The authors reported 
favorable microstructures at the interface, and believe the graded coatings are likely to exhibit 
superior bond strength and reduced interfacial stresses compared to conventionally applied 
coatings.  
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Chapter 3 
 

Approach and Methods 
 
3.1   General Approach 
 
It is clear from the above description of previous work that the potential of additive manufacturing 
in functional grading has yet to be fully realized. The extent of control over both geometry and 
composition afforded by laser deposition in particular is unmatched by any existing manufacturing 
process. However, the description of the process given in Section 2.3 demonstrates that laser 
deposition does not come without its challenges, particularly in achieving consistent and 
predictable thermal history, microstructure, and properties. Successfully overcoming these 
process-related challenges, combined with the physical and metallurgical complications of joining 
dissimilar metals, calls for a systematic approach.  
 
At present, an approach based entirely on modeling remains premature. Complete multiscale 
modeling of laser deposition requires that finite element heat transfer calculations be coupled with 
thermodynamics, phase transformation kinetics, and microstructure-property relationships. While 
this is not outside the realm of current capabilities, its usefulness is hampered by poor availability 
of thermodynamic and kinetic data. In the absence of modeling, relying on experimental efforts 
alone also fall short. Blindly grading multiple alloys together rarely works, and creative solutions 
are difficult to stumble upon empirically. However, by combining experimental and modeling 
efforts together into an iterative process, the approach defined in this thesis incorporates the 
advantages of both. In this framework, laser-deposited prototype gradients are fabricated and 
characterized to gain a better understanding of the precise issues that jeopardize the gradient’s 
integrity. Modeling efforts are then directed to address these issues in particular and uncover 
opportunities to avoid them by modifying the gradient design. This allows for improved gradients 
to be fabricated, and the process is continued iteratively to refine and validate the modeling and 
adjust the gradient design as needed.  
 
A more detailed skeleton of this approach is presented visually in Figure 3-1. In its general form 
it can be applied to any combination of alloys for additive manufacturing-based compositional  
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Figure 3-1: Outline of approach for developing laser deposited gradient components. 
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grading, and is thus not limited to the examples studied in this thesis. For a gradient transitioning 
between a given pair of alloys, the process begins with determining which of the alloy 
compatibility issues outlined in Section 2.4.1 are likely to hinder successful fabrication or service 
performance, whether intermetallic formation, thermal property mismatch, or metallurgical issues. 
In response to these issues, Section 3.2 provides a set of strategies for overcoming them based on 
the unique capabilities available with laser deposition.  Once a preliminary composition path is 
chosen, a multi-feeder laser deposition system is used to fabricate simple geometry, reduced scale 
prototype gradients. Process parameters are adjusted as a function of composition as needed, 
depending on the properties of each alloy and the observed quality of the build. The precise 
methods used to fabricate prototype gradients in this thesis are described in Section 3.3.  
 
The next step is to perform detailed characterization to map out the evolution of microstructure, 
mechanical properties, and process-related defects along the gradient, as outlined in Section 3.5. 
The results are then verified with CALPHAD thermodynamic modeling of phase equilibria along 
the gradient composition path, as described in Sections 3.2.2 and 3.4. An improved path in 
composition space is chosen to avoid problematic phases, and the strategies of Section 3.2 are 
further implemented if needed. New gradients are fabricated, and the process is continued 
iteratively until a successful prototype is achieved. Ultimately, use of the gradient in an 
engineering application would require the additional step of fabricating it in its full scale, complex 
geometry form and applying standard and application-specific testing. However, the scope of this 
thesis is limited to the development of prototype gradients only.  
 
 
3.2   Strategies 
 
As mentioned above, the unique capabilities of laser deposition enable a number of new strategies 
for joining dissimilar materials that are inaccessible to conventional processes. A useful summary 
of these strategies is provided in Table 3-1, listing the various issues encountered, their resulting 
deleterious effects, and a comparison of methods for overcoming these issues as approached by 
conventional welding versus additive manufacturing. Detailed descriptions on applying these 
strategies are provided below. 
 
3.2.1   Reduction of Thermal Stresses and Sharp Interfaces  

Through Smooth Grading 
 
As discussed in Section 2.4.1, differences in thermal and thermo-physical properties are known to 
cause a number of issues in dissimilar joints. The associated cracking, distortion, residual stresses, 
and stress concentrations either cause failure during fabrication of the joint or ultimately degrade 
its service performance. Since post-fabrication heat treatments are unsuccessful in alleviating these 
defects, the only choice is to prevent their occurrence by altering the design of the joint itself. For  
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Table 3-1: Summary of strategies used in conventional welding and joining versus additive 
manufacturing in response to issues encountered when joining dissimilar metals. 

 

Issue	 Deleterious	effects	
Conventional	
welding/joining	

strategies	

Additive	manufacturing	
strategies	

intermetallic	formation	 brittleness;	cracking	
during	fabrication;	
degraded	mechanical	
and	corrosion	properties	

dissimilar	interlayers;	
non-fusion	processes	

dissimilar	interlayers;	
non-linear	composition	
paths;	optimization	of	
gradient	path	using	
thermodynamic	
modeling	poor	solubility	 element	segregation;	

micro-cracking	

melting	temperature	
mismatch	

nonuniform	heat	flow	
and	dilution;	lack	of	
fusion;	cracking	

non-fusion	processes;	
filler	metal	or	interlayer	
of	intermediate	TM	

smooth	compositional	
grading;	extending	of	
joint	length;	dissimilar	
interlayers;	
minimization	of	thermal	
stresses	based	on	finite	
element	modeling;	
composition-dependent	
adjustment	of	process	
parameters;		

coefficient	of	thermal	
expansion	mismatch	

cracking;	stress	
concentrations;	residual	
stresses;	enhanced	
creep	and	fatigue	rates	
in	service		

filler	metal	or	interlayer	
of	intermediate	CTE;	
post-weld	heat	
treatments	

thermal	conductivity	
mismatch	

uneven	heat	flow;	
distortion;	lack	of	fusion	

preheating;	offset	
focusing	of	weld	heat	
source	

metallurgical	effects	
(species	migration,	
carbide	precipitation,	
martensite	formation,	
sensitization)	

degraded	mechanical	
and	corrosion	
properties;	premature	
joint	failure	(e.g.	
enhanced	SCC,	creep)	

compositionally	tailored	
filler	metals	and	
interlayers;	non-fusion	
processes		

smooth	compositional	
grading;	adjustment	of	
composition	path	

 
 
conventional welding and joining processes, design freedom is rather limited and steep gradients 
in composition, microstructure, and properties are difficult to avoid. Laser deposition, by contrast, 
allows for a transition from one alloy to another to be accomplished via many steps in composition 
over a longer distance. Commercial laser deposition systems are capable of achieving composition 
changes as small as 1% with each layer [6]. The result is a smoother gradient in microstructure 
and properties, with stress concentrations spread across many interfaces rather than just one or 
two.  
 
The components analyzed in Chapter 5 of this thesis provide an excellent example of the 
microstructural and resulting property gradients that can be achieved through smooth grading with 
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Figure 3-2: Schematic and EBSD mapping of phase (top) and IPF X (grain orientation with respect to 
the build direction) of a laser deposited gradient component transitioning from 300 maraging steel to 
316L stainless steel. Mapping of microstructure in the gradient region of the build shows a smooth 

transition from martensite to austenite occurs over a couple millimeters.  
 

 
laser deposition. To demonstrate, EBSD maps of phase and orientation maps of the component are 
reproduced in Figure 3-2. The gradient, transitioning from a maraging steel to an austenitic 
stainless steel, must accommodate major changes in composition, thermal expansion, and 
magnetism, in addition to a phase transition from martensite (BCC) to austenite (FCC). In 
conventional welding, these property and microstructure changes would likely occur over just 50-
100 µm. However, EBSD mapping of the laser deposited gradient shows that the microstructure 
evolves rather gradually over the course of several millimeters, rather than microns. By increasing 
the number of layers deposited at each composition step, the gradient could be extended over an 
arbitrarily large distance in space.  
 
Extending the composition and microstructural gradient over a longer distance in space has shown 
promise for alleviating property mismatch-related issues. Its potential for reducing thermal stresses 
has been modeled extensively by Brentrup and DuPont et al. [25, 27, 241] for the purpose of 
improving the performance of dissimilar joints between low-alloy steel and austenitic stainless 
steel. Conventionally, the joints are fabricated with a dissimilar nickel-based filler metal in an 
effort to ease the 30-40% difference in CTE between the two base alloys. However, the authors’ 
finite element modeling suggests that during elevated temperature operation, stress concentrations 
at the joint interfaces are still likely to exceed the yield stress of the base materials (as high as 240 
MPa). By contrast, a graded transition joint consisting of 30 layers is predicted to reduce these 
stresses to the order of 50 MPa. Further reductions were predicted if the wall thickness of the 
transition joint is locally increased at high-stress locations.  
 
In general, the smoother the composition gradient between two alloys, the less severe any property 
mismatch issues will be. Of course, for gradients transitioning between alloys of similar properties, 
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rigorous optimization of the number of composition steps and length of the gradient is not 
necessary. Likewise, for components unlikely to experience high temperatures or thermal cycling 
in service, the number of steps in composition space may be inconsequential. This is the case for 
the gradients explored in this thesis. However, for gradients with major property mismatches with 
extreme service conditions, greater attention is needed. To aid in future studies, a procedure for 
optimizing the gradient parameters is therefore outlined below.  
 
For the case of a simple linear joint between two alloys of differing CTE, one can simply minimize 
the Von Mises stress (under anticipated service conditions, i.e. thermal and mechanical loads) 
below a desired value by adjusting the design of the gradient. The design parameters that can be 
modified include the number of steps in composition space (or % change in composition each 
layer), the thickness of the layers, and the overall length of the joint. It is important to note that 
such a calculation requires the identification of a stress-free temperature, or the temperature at 
which no thermal stresses are present in the gradient as a result of property differences. This is 
commonly taken to be the typical post weld heat treatment temperature of the base alloys, but for 
two alloys of very different properties, it may be more difficult to define. In the study mentioned 
above, Brentrup et al. [27] considered the joint in question to be stress-free at 0℃, which was 
effective for demonstrating the magnitude of stresses expected to develop in response to the high 
temperatures and thermal cycling encountered in service. Assumptions must also be made about 
the way in which the property of interest, such as CTE, varies with composition. In some cases, a 
simple linear change with composition may be a good approximation. However, for certain alloy 
systems such as steels, the relationship between CTE and composition is a more complex function 
that also depends on microstructure and phase [242]. In these cases, a combination of empirical 
and modeling literature can be consulted to determine any composition thresholds at which more 
significant property changes are expected to occur.  
 
In addition to minimizing thermal stresses, smooth compositional grading through laser deposition 
can also be effective in reducing the metallurgical issues discussed in Section 2.4.1.3. Since steep 
chemical potential gradients induce species migration in dissimilar joints, a more gradual change 
in composition can have the effect of slowing diffusion rates [27]. Modeling this effect would 
require the use of both thermodynamics and kinetics software to calculate chemical potential 
gradients and diffusion rates, respectively. Ultimately, much more work remains to determine how 
successful compositional grading is in slowing the onset of failure mechanisms related to species 
migration.  
 
3.2.2   Optimization of Composition Path using Thermodynamic  

Modeling 
 
Perhaps the greatest advantage of processing multiple materials with additive manufacturing is 
that composition changes need not be linear. Layer-by-layer blending of feedstock powders in 
laser deposition allows for any user-defined composition path to be followed. In the simplest sense, 
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this allows for dissimilar interlayers to be easily introduced between two alloys while maintaining 
geometric freedom. More compelling, however, is the use of thermodynamic modeling to choose 
an optimal path in composition space such that regions of insolubility and intermetallic formation 
are strategically avoided.  
 
The general approach to this modeling was first outlined in Hofmann et al. [6] in 2014. It is based 
upon the use of phase equilibria calculations to predict the intermediate compositions at which 
problematic phases are expected to form. For the case of transitioning between two alloys in the 
same three-component system, the process is rather straightforward to visualize using an 
equilibrium ternary phase diagram. Figure 3-3 shows one such example of joining two hypothetical 
Fe-Ni-Cr alloys plotted on an isothermal ternary section (denoted alloys “A” and “B”). Under 
equilibrium conditions, alloy A is expected to be fully austenitic, while alloy B will consist of a 
dual phase austenitic-ferritic structure. It is obvious that following the direct linear path between 
the two alloys (path “a”) leads to intersecting the two-phase field consisting of 𝛾-austenite and a 
hard, brittle 𝜎-phase. Instead, a more favorable non-linear path can be identified, path “b”, which 
circumvents compositions at which 𝜎-phase formation is likely. Of course, following a curved path 
in composition space using a laser deposition system would require the use of three powder 
feeders, each containing one element powder of Fe, Ni, and Cr. For a system limited to two powder 
feeders, an alternative path (labelled “c”) could be accomplished by loading a pre-mixed 
intermediate alloy and making two  discrete linear transitions. In either case, the phase evolution 
along the gradient consists only of ductile solid solutions, 𝛾-austenite and 𝛼-ferrite, rather than 
brittle intermetallics. It is important to note that phase stability in the ternary system is of course a 
function of temperature. In choosing a ternary gradient path, it is thus necessary to consider the 
system over a range of temperatures, particularly those at which the precipitation kinetics are 
fastest for the intermetallics of concern. In this case, the isothermal section at 850℃ was considered 
since it is known to be the peak transformation temperature for 𝜎-phase formation in duplex steels 
[243].  
 
Of course, for modern engineering alloys that contain 5 to 10 or more constituents, the relevant 
thermodynamic data is not only difficult to visualize, but also largely unavailable. A more 
systematic approach is to utilize the CALPHAD method (CALculation of Phase Diagrams) 
through commercially available software such as Thermo-Calc. Based on both empirical data and 
first order principles, the CALPHAD method can be used to generate higher order phase diagrams, 
as well as calculate equilibrium phase fractions as a function of temperature or composition along 
the desired gradient path. Driving forces for phase formation can also be predicted, providing 
further indication for whether or not a stable phase is expected to form. Implementation of this 
method has become even more accessible with the introduction of pycalphad, an open-source 
version of the software based in Python [244, 245]. Developed by R. Otis and Z.-K. Liu, pycalphad 
can be used with open-source thermodynamic databases such as COST507 [246] at no cost to the 
user.  
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Figure 3-3: Example of using an equilibrium ternary phase diagram to choose an optimal gradient 

path between two hypothetical Fe-Ni-Cr alloys, “A” and “B”. The direct linear path, “a”, intersects 
two- and three-phase fields that include a hard, brittle 𝜎-phase. Path “b” is a nonlinear alternative that 
circumvents these problematic phase fields, and path “c” is an additional variation that avoids brittle 
phase compositions while being suitable for a laser deposition system limited to two powder feeders. 

Diagram was generated with Thermo-Calc TCFE7 database. 
 
 
The most notable limitation of the above described method is the fact that additive manufacturing 
can rarely be considered an equilibrium process. The rapid cooling rates and thermal cycling 
involved are known to lead to non-equilibrium microstructures and phases. Despite 
thermodynamic stability, phases that are only expected to form with sluggish precipitation kinetics 
or at sufficiently low temperatures or are unlikely to be observed in laser deposited specimens. 
Similarly, for certain alloy systems (e.g. steels) which frequently exhibit metastability and 
martensitic transformations, the equilibrium calculations tend to bear little resemblance to 
experimentally observed phases and microstructures. Therefore, it is important if applying this 
method to take into account the processing thermal history and system-specific kinetics to the 
greatest extent possible. Nonetheless, composition thresholds for fast-forming equilibrium phases 
tend to coincide quite well with CALPHAD predictions in practice [235]. Once good agreement 
is established between thermodynamic predictions and experimental observation of a given phase, 
one can identify and model alternate gradient paths that intentionally avoid its stability. If 
performed in tandem with experimental efforts, strategic optimization of gradient paths using 
thermodynamic modeling shows great promise for overcoming solubility issues between 
incompatible alloys.  
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3.2.3   Composition-dependent Adjustment of Process Parameters  
 
From the discussion in Section 2.4.1.2, it is apparent that large discrepancies in thermal properties 
are difficult to manage with conventional welding and joining processes. Direct joining of alloys 
requiring wildly different heat inputs rarely results in a robust joint. However, additive 
manufacturing opens up the possibility for tailoring the processing conditions along the joint such 
that each intermediate composition (or effectively, alloy) is treated without compromise.   
 
It has been well-established that choice of process parameters for additively manufactured alloys 
is a critical step for ensuring favorable and consistent properties. Thus far, determining optimal 
parameters for a given alloy is usually tackled in an empirical manner. The number of material 
properties and system-specific attributes that influence process parameter choice is simply too 
large and varied to lend itself to a model-based approach. Since laser deposition of common 
engineering alloys (i.e. Ti-6Al-4V, austenitic stainless steels, Inconels) has been widely performed 
and reported on, acceptable parameter windows for these alloys are either already known, or can 
be narrowed down with ease. However, for intermediate compositions between alloys, material 
properties, and thus optimal process parameters, may vary widely and in an unknown manner.  
 
When joining two alloys with very similar properties (e.g. two steels of similar composition), 
holding process parameters constant for the entire gradient may be acceptable. Most existing 
studies on composition grading with additive manufacturing have taken this approach, regardless 
of any property changes. However, for combinations of alloys with widely varying properties, 
particularly melting temperature and laser absorptivity, a single set of parameters may not suffice. 
A practical solution to this issue is to first empirically determine the optimal process parameters 
for the terminal alloys, and then vary these parameters in a composition-dependent manner along 
the gradient in between them. For instance, a transition from a lower to higher melting point alloy 
may benefit from a linear increase in laser power to ensure progressively higher heat input. The 
laser power adjustment can be made more precise if thermodynamic calculations of liquidus and 
solidus temperatures along the gradient are taken into account, since these often do not vary 
linearly with composition. However, gradients of increasing complexity may require more 
extensive modeling efforts to streamline process parameter adjustments. 
 
Should thermal properties be found to vary along the gradient in a nonlinear manner, a simple 
approach for determining the necessary process parameter changes is to apply an empirical model 
for the laser deposition melt pool temperature. A good example is the model proposed by Tang & 
Landers [247] which relates the melt pool temperature, 𝑇	[°C], to three major process parameters: 
laser scan speed, 𝑣	[in/min], laser power 𝑞	[W], and powder flow rate 𝑚	[g/min]: 
 

𝑇 = 𝐾𝑣a𝑞b𝑚c 
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Table 3-2: Estimated parameters for the empirical model of laser deposition melt pool temperature 
proposed in [247]. 

 
Parameter	 Value	

K	 1170	
α	 -8.18	x	10-3	
β	 7.16	x	10-2	
γ	 3.42	x	10-3	

 
 
The system gain, 𝐾, and exponents, 𝛼, 𝛽, and 𝛾, are empirically determined constants given in 
Table 3-2. It is important to note that this model is not material-specific and thus does not take into 
account material properties such as thermal conductivity and laser absorptivity. Its use can 
however provide a benchmark calculation of the process parameters necessary to ensure sufficient 
heat input and full melting of each composition along a gradient.  
 
It is important to keep in mind that at intermediate compositions, deposition will consist of melting 
mixtures of two different alloy powders together, not simply melting homogeneous powder 
composed of a single alloy. Unfortunately, if the properties of the two alloys vary too greatly, good 
mixing in the melt pool may never be achieved. It has been shown that in laser deposition of 
multiple materials, the extent of intermixing in the melt pool is directly related to any property 
differences between the powders [222, 239]. For instance, a large difference in density between 
two deposited metals has been shown to cause melt pool segregation due to the lighter material’s 
higher relative buoyancy. The melt pool becomes segregated by a “plume zone” that forms and 
follows the solidification direction to the top of the melt pool. As a result, the solidified material 
shows alternating regions rich in either alloy rather than a uniform distribution of alloying elements 
[222]. Ultimately, the extent to which any insufficient mixing and melting affects the component 
mechanical properties and performance will vary. However, sharp interfaces between two 
materials and the surfaces of unmelted powder inclusions may serve as stress concentration and 
crack initiation sites when the component is exposed to service conditions. Whether or not there 
exists a single set of process parameters can accommodate these differences remains to be 
determined.  
 
 
3.3   Fabrication Methods 
 
All samples analyzed in this study were fabricated by RPM Innovations, Inc. on their in-house 
developed 222 and 557 Laser Deposition Systems (LDS). A summary of the system specifications 
is provided in Table 3-3. The identifications, 222 and 557, refer to the maximum build volumes of 
the respective systems. The smaller 222 LDS, shown in Figure 3-4, is equipped with a 
2e×2e×2e	(XYZ) work envelope and 4 axis motion, enabled by CNC controlled X/Y/Z axes and a 
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Table 3-3: General specifications for the RPM Innovations, Inc. Laser Deposition Systems used in 
this study.  

 

	 RPM	LDS	222	 RPM	LDS	557	

Work	envelope	
2ft	×	2ft	×	2ft	

(0.61m	×	0.61m	×	0.61m)	
5ft	×	5ft	×	7ft	

(1.52m	×	1.52m	×	2.13m)	

Motion	control	
4	axis	(CNC	X/Y/Z		
+	rotate	table)	

5	axis	(CNC	X/Y/Z		
+	tilt	and	rotate	table)	

Laser	 IPG	fiber	laser	
Maximum	laser	
power	

2	kW	 3	kW	

Laser	wavelength	 1060	–	1080	nm	
Atmosphere	 Argon	(<10	ppm	O2)	

Scan	pattern	
Outer	contour	plus	bi-directional	raster	with		

alternating	starting	point	and	angle.		
Powder	delivery	
system	

2	dual	hopper	powder	feeders	

Deposition	head	 Water	cooled	25	degree	4	nozzle	
 
 
rotating table. The larger 557 LDS work envelope extends 5′×5′×7e, and includes 5 axis control 
with the addition of a ±	90° tilt feature. All other features of interest here are similar between the 
two systems.  
 
Deposition was performed with an IPG fiber laser operating at a wavelength of 1060 – 1080 nm 
and power up to 2 kW (222 system) or 3 kW (557 system). For the initial set of builds, choice of 
process parameters for each alloy (laser power, scan speed, beam spot size, and powder mass flow 
rate) was left to the discretion of RPM based on their prior operating experience. The laser scan 
speed was maintained at a fixed value of 30 in./min. (1.27 cm/s), and the layer thickness was 0.381 
to 0.508 mm, depending on the build. Choice of laser power varied from alloy to alloy, generally 
in the range of 600 – 800 W. Powers up to 2000 W were also tested for some builds that 
incorporated higher melting point alloys. In practice, the measured laser power differed from the 
nominal set point by as much as a few percent, and was considered to be the actual value. Hatch 
width was typically in the range of 0.584 to 0.889 mm, but was increased up to 1.778 mm for the 
highest laser powers. For each combination of a particular alloy and the above listed parameters 
(laser power, layer thickness, and hatch width), the ideal powder mass flow rate was determined 
experimentally such that limited underbuilding and overbuilding occurred. At higher laser powers, 
a similar process was carried out to determine the beam spot size and hatch width that were 
sufficient to limited vaporization. An example of this process is shown in Figure 3-5, wherein 
multiple test pillars with varying laser power, beam spot size, and hatch width were deposited by 
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          (a)                (b) 

 
        (c)       (d) 
Figure 3-4: Photographs of the RPM 222 Laser Deposition System, showing (a) the complete system, 
(b) four powder hoppers, (c) 4-nozzle deposition head, and (d) deposition of test pillars in progress. 

Courtesy RPM Innovations, Inc. 
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Figure 3-5: Photograph of sample builds fabricated with the RPM 222 Laser Deposition System used 
to determine range of possible process parameters for deposited 304L SS. The pillars were fabricated 

with increasing laser power, beam spot size, and hatch width from left to right.  
 
 
RPM technicians to dial in the acceptable ranges and combinations of process parameters for a 
particular alloy.  
 
All samples were fabricated in an argon atmosphere glove box with oxygen level controlled to <10 
ppm. The build substrates were comprised of 0.25 to 0.75 in. (0.635 to 1.905 cm) thick plates of 
an alloy compatible with that to be initially deposited in the build. The scan pattern consisted of 
an outlining plus bi-directional raster sequence, similar to that shown in the schematic in Figure 
2-5 and 2-7c. With this method, the build head begins by outlining the contour of the layer, and 
then fills in the remaining area by rastering back and forth. To ensure even building, the starting 
point of the sequence and the angle of the rastering are alternated in each layer. Dwell time between 
the layers was marginal.  
 
The feedstock material consisted of standard gas atomized or PREP powders compatible with laser 
deposition processing. The size distribution was controlled by the powder manufacturer through 
sieving with mesh sizes ranging from –60 to +325 depending on the powder type, corresponding 
to particle sizes ranging from at most 45	µm to 250	µm. All powders were received with chemical 
analysis showing the content of significant elements. Full details for the powders used in this study 
are provided in Table 3-4 and Table 3-5. During deposition, the powder was preloaded into hoppers 
and blown into the melt pool through a set of 4 nozzles located on the build head with the aid of 
argon gas flow.  
 
To achieve compositional grading, the RPM LDS systems used were equipped with multiple 
powder hoppers and feeders. In the standard configuration, there were two dual-hopper powder 
feeders, allowing two distinct alloy or element powders to be loaded and deposited simultaneously. 
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Table 3-4: Specifications for powders used in laser deposited gradient builds (GA = gas atomization, 
PREP = plasma rotating electrode process, N/A = powder fabrication process is proprietary or was 

not reported). 
 
	

Powder	Name	
Alloy	
/Element	

Process	 Supplier	 Mesh	Size	 Powder	Size	

Fe
-b
as
ed

	

316L	Stainless	Steel	 316L	SS	 GA	 Carpenter	Powder	
Products	Inc.	

–100/+325		 45	–	150	µm	

C300	Maraging	Steel	 C300		 GA	 Carpenter	Powder	
Products	Inc.	

–100/+270		 53	–	150	µm	

304L	Stainless	Steel	(1)	 304L	SS	 GA	
Carpenter	Powder	
Products	Inc.	

–140/+325	 45	–	105	µm	

304L	Stainless	Steel	(2)	 304L	SS	 GA	
Carpenter	Powder	
Products	Inc.	

–140/+325	 45	–	105	µm	

304L	Stainless	Steel	(3)	 304L	SS	 GA	
Carpenter	Powder	
Products	Inc.	

–140/+325	 45	–	105	µm	

420	Stainless	Steel	 420	SS	 GA	
Carpenter	Powder	
Products	Inc.	

–80/+120	 125	–	185	µm	

Ti
-b
as
ed

	

Ti-6Al-4V	(1)	 Ti-6Al-4V	 PREP	 Starmet	 –80/+325	 45	–	185	µm	

Ti-6Al-4V	(2)	 Ti-6Al-4V	 PREP	
TIMET	Powder	
Metals	LLC.	 –100/+325	 45	–	150	µm	

V-
ba

se
d	 Vanadium	(1)		 V	 N/A	 Phelly	Materials	Inc.	 –60/+325	 45	–	250	µm	

Vanadium	(2)	 V	 N/A	 American	Elements	 –100/+325	 45	–	150	µm	

N
i-b

as
ed

	

NiCr	 NiCr	(80/20)	 N/A	 American	Elements	 –100/+325	 45	–	150	µm	

Inconel	625	 IN625	 GA	
Carpenter	Powder	
Products	Inc.	

–100/+325	 45	–	150	µm	

 
 
For each composition step, the powders were mixed in situ in varying quantities prior to exiting 
the build head nozzles during deposition. This was done by varying the flow rate in the powder 
feeders to achieve the desired volume percentages of each powder type. The number of layers per 
composition step and the magnitude of the steps, were incorporated in a predetermined build plan 
that was carried out during deposition. It is important to note that the use of only two powder 
feeders limited the gradient paths that could be followed to linear paths only between a given pair 
of powders. For more complex gradient builds requiring more than two alloys or elements, it was 
necessary to empty one of the pairs of hoppers and refill it with the new powder. This process 
required 15 – 20 minutes, during which the build was idle. Following completed deposition, the 
builds were permitted to cool before they were removed through an antechamber on the side of the 
glovebox.  
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Table 3-5: Chemical analysis of laser deposition powders, as provided by the powder manufacturers. 
 

 
 
 
3.4   Characterization Methods 
 
The characterization of laser deposited gradient composition parts demonstrated in this thesis is a 
task that extends well beyond that required for single alloy studies. Each step in composition space 
along a gradient effectively corresponds to a new alloy, most of which have never been reported 
on experimentally or even hypothetically. Understanding the physical metallurgy and properties 
of the complete path between two known alloys thus involves venturing into unknown territory. 
One possible characterization approach would be to fabricate individual components at each of a 

 
Fe-based powders 

	 Chemical	Analysis	–	Wt	%	
Powder	Name	 Fe	 Cr	 Ni	 Mn	 Co	 Ti	 Mo	 Si	 S	 P	 C	 O	 N	
316L	Stainless	Steel	 bal	 16.3	 10.3	 1.31	 –	 –	 2.09	 0.49	 0.006	 0.026	 0.026	 –	 –	
C300	Maraging	Steel	 bal	 0.02	 18.0	 0.02	 9.3	 1.1	 4.7	 0.02	 0.01	 <0.01	 0.02	 0.02	 <0.01	
304L	Stainless	Steel	(1)	 bal	 19.4	 9.3	 1.48	 –	 –	 –	 0.65	 0.007	 0.012	 0.022	 –	 0.08	
304L	Stainless	Steel	(2)	 bal	 19.5	 9.4	 1.31	 –	 –	 –	 0.66	 0.005	 0.009	 0.017	 –	 –	
304L	Stainless	Steel	(3)	 bal	 18.4	 9.8	 1.5	 –	 –	 –	 0.53	 0.003	 0.012	 0.015	 –	 –	
420	Stainless	Steel	 bal	 13.9	 –	 0.21	 –	 –	 –	 0.58	 0.008	 0.017	 0.23	 –	 –	

 
Titanium-based powders 

	 Chemical	Analysis	–	Wt	%	
Powder	Name	 Ti	 Al	 V	 Fe	 O	 C	 N	 Mn	 Mo	 Zr	 W	 Cu	 Si	 Sn	 H	
Ti-6Al-4V	(1)	 bal	 6.32	 4.01	 0.17	 0.19	 0.03	 0.003	 –	 –	 –	 –	 –	 0.08	 –	 0.001	
Ti-6Al-4V	(2)	 bal	 6.13	 4.00	 0.16	 0.17	 0.02	 <0.01	 <0.01	 0.01	 <0.01	 <0.001	 <0.01	 –	 <0.01	 0.002	

 
Vanadium powders 

	 Chemical	Analysis	–	Wt	%	
Powder	Name	 V	 Al	 Fe	 O	 Si	 C	 Ti	 Cr	
Vanadium	(1)	 bal	 0.11	 0.015	 0.035	 0.072	 <0.001	 0.001	 <0.002	
Vanadium	(2)	 bal	 0.008	 0.02	 0.05	 0.002	 –	 –	 0.008	

 
Ni-based powders 

Powder	Name	 Chemical	Analysis	–	Wt	%	

Inconel	625	

Ni	 Cr	 Mo	 Nb	 Mn	 Fe	 Si	 S	 C	
65.99	 21.12	 8.59	 3.53	 0.30	 0.05	 0.35	 0.004	 0.011	
Al	 Cu	 Ti	 Co	 Ta	 O	 N	 B	 P	
0.03	 0.01	 <0.01	 <0.01	 <0.01	 0.015	 0.065	 <0.002	 <0.001	

NiCr	
Fe	 O	
0.31	 0.05	
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finite number of compositions along the gradient path, and apply bulk analysis techniques to these. 
However, even minor steps in composition space can have a major impact on an alloy’s 
microstructural features and properties, as demonstrated in the literature review in Chapter 2. Thus, 
the piecemeal approach does not quite capture the complete evolution in properties along the 
gradient path, and may fail to reveal important composition thresholds.  
 
The characterization outlined in this thesis follows a more complete approach, in which only 
localized and spatially-resolved techniques are applied. The composition gradients are prepared in 
cross section, allowing for all intermediate compositions present to be scrutinized with spatial 
continuity. EDS and EBSD of these surfaces provide a full survey of microstructural and 
compositional changes along the gradient, including mapping of grain size and morphology, phase, 
texture, and element distribution. The way in which laser deposition process-specific features and 
defects vary with composition is also readily apparent with these techniques. Vickers testing and 
nanoindentation are used to determine the evolution of hardness along the gradient as a first order 
approach to evaluating mechanical properties. The combination of these techniques provides a 
wealth of information for determine the compositional dependency of microstructural features and 
properties in areas of composition space that have never before been explored. 
 
3.4.1   Metallographic Sample Preparation 
 
For the gradient composition parts characterized in this study, preparation of metallographic 
samples was a nontrivial task. To fully understand the evolution of microstructure with 
composition, it was necessary to maintain the “transition zones” (regions where the composition 
actually changes) within a single sample, rather than analyzing each composition separately. 
Where possible, the entire composition gradient between two alloys was maintained on a single 
metallographic sample. To accomplish this, specimens were first cut in cross section using either 
wire EDM or a table-top cut-off saw designed for precise and deformation-free cutting, such as 
the Struers Secotom-50. Each cross sectional sample was then ground down or cut flat on the 
bottom for mounting, and sectioned further to a size that would fit on a standard 1.25” diameter 
polishing puck. The samples were then either cast in epoxy, or adhered to a stainless steel polishing 
puck with Crystalbond.  
 
Due to the presence of multiple alloys in a single cross section, standard polishing procedures were 
rarely applicable. Instead, procedures were adapted as needed to achieve favorable results. Epoxy 
mounted samples were polished with a Buehler EcoMet Pro automated power head polisher 
according to Buehler’s standard procedures for preparing ferrous and titanium alloys. The final 
polishing step was always equivalent to 0.02 – 0.05 µm alumina or colloidal silica suspension. For 
best EBSD results, polishing was performed on a manual wheel with the aid of a handheld South 
Bay Technologies Model 150 micrometer-controlled mount. This mount offers precision removal 
of material on the micron-scale, ensuring a completely flat sample surface and adequate 
elimination of surface damage between each step. In this case, grinding was generally performed 
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with 320 – 4000 grit SiC grinding papers, followed by 3 µm, 1 µm, and 0.1 µm diamond solutions, 
and finally 0.02 µm noncrystallizing colloidal silica suspension.  
 
Following polishing, gradients were chemically etched to reveal microstructural features and 
improve EBSD results. Depending on the alloys involved, gradient parts were either attacked with 
multi-purpose etchants or masked to allow for individual alloys to be exposed to specific etchants. 
Precise details about the etchants and etching procedures used for each alloy are provided in 
Chapters 4 and 5.  
 
3.4.2   Electron Backscatter Diffraction (EBSD) 
 
Electron backscatter diffraction (EBSD) is a powerful SEM-based technique for microstructural 
characterization of surfaces. It is capable of performing phase identification and measuring phase 
fractions, grain size and morphology, grain orientation, and texture. This is accomplished by 
interpreting the signal generated from backscattered electrons originating from just below the 
surface of a polished sample cross section. Electrons from the primary SEM beam strike the sample 
and scatter inelastically off of atoms, producing a divergent source of electrons near the sample 
surface. These electrons then go on to satisfy the Bragg condition for various atomic planes in the 
sample, and diffract to form a signal shaped as a set of large-angled cones. A detector screen placed 
to intersect these cones results in this signal being recorded as a characteristic pattern of Kikuchi 
bands, with each band corresponding to a family of atomic planes in the sample lattice. Indexing 
of these bands has become an automated process that determines the band positions and angles, 
and compares those to possible solutions to find a best fit for the crystal structure and orientation. 
By performing this process step by step across the sample surface, a microstructural map is 
composed.  
 
For this study, acquisition of EBSD data was performed with an Oxford NordlysNano detector 
using the accompanying AZtecHKL software. Specimens were adhered with superglue or crystal 
bond to standard SEM stubs, and mounted in the SEM chamber on a 70 degree holder facing the 
EBSD phosphor detector screen. The SEM accelerating voltage was maintained at 20kV, and the 
beam current ranged from 8 to 16 nA. In general, higher beam currents were successful in 
improving the EBSD signal. However, in most cases, EDS maps were acquired simultaneously. 
This required that the beam current be balanced to provide a sufficient signal for EBSD while not 
increasing the dead time for the EDS detector beyond a reasonable level.  
 
For the gradient composition samples, maps were collected intermittently along the composition 
gradient, oriented in the build direction. The magnification and size of each map was adjusted 
according to the scale of the microstructure at hand. In order to allow for high throughput 
measurements, the step size (or pixel size) was then chosen such that the duration of each map did 
not exceed 1 – 2 hours. Since the scale of the microstructure varied widely along the composition 
gradient and was rarely known ahead of time, exploratory scans were necessary prior to the final 
mapping. Due to careful surface preparation, most maps were generated with low levels of noise 
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and minimal “zero solutions”, making post-processing unnecessary. In some cases, the legibility 
of maps was improved with a standard noise reduction procedure that extrapolated data for wild 
points and zero solutions. This was performed as needed in the HKL CHANNEL5 Tango post-
processing software.  
 
It is worth noting that phase identification as performed with EBSD in this study was subject to a 
number of limitations. With commercially available acquisition/indexing software, it is necessary 
for the user to pre-define the possible phases that should be considered for indexing. If a phase is 
present that had not been specified, the area occupied by the phase manifests as a “zero solution” 
even if sharp Kikuchi patterns were captured, since they were not successfully indexed. Pre-
defining too many phases also has drawbacks. In practice, indexing can readily distinguish 
between different crystal structures (e.g. Fe BCC vs. Fe FCC). However, the detector resolution 
limits the accuracy to which Kikuchi band widths can be measured, resulting in difficulty 
distinguishing between the same crystal structure shared by different elements of similar lattice 
parameter (e.g. Fe FCC vs. Ni FCC). The potential for misidentification therefore increases with 
the number of predefined phases. As a compromise in this study, a phase was only pre-defined if 
there was a reasonable expectation for its presence based on thermodynamic modeling or prior 
knowledge. During mapping, if large areas were perceived to go un-indexed despite high quality 
Kikuchi patterns, the scans were re-acquired with additional phases entered. Another consequence 
of the limited detector resolution is that there is no ability to distinguish between martensitic and 
diffusion-based forms of a given phase (e.g. 𝛼 vs. martensitic 𝛼′ Ti, ferrite vs. martensite in steels), 
assuming the lattice parameters are similar. In addition, EBSD is not capable of phase 
identification on a scale that exceeds the technique’s spatial resolution. Small volume precipitates, 
oxides, carbides, nitrides, or other inclusions are unlikely to be captured. Nominally, EBSD is 
capable of identifying grains as small as 20 nm. However, most maps in this study were made with 
step sizes on the order of 0.2 – 1 µm. As a result, only larger matrix phases were detected in this 
study.  
 
Another difficulty encountered is that the shallow interaction depths (10 to 100 nm) associated 
with EBSD call for impeccable surface preparation to obtain sharp Kikuchi bands. In practice, any 
surface damage due to inadequate polishing distorts the backscattered electron signal beyond 
indexing. In this work, it was found that when polishing was insufficient, metallographic etching 
was effective in obtaining clearer Kikuchi patterns. Exposure to an acid etchant worked to remove 
surface damage and/or any oxide layers that developed on the sample surface, allowing fresh 
undamaged surfaces to be measured. Fortunately, the signal did not appear to be disrupted by the 
inevitable roughness of an etched alloy surface.  
 
3.4.3   Energy Dispersive X-ray Spectroscopy (EDS) 
 
Energy Dispersive X-ray Spectroscopy (EDS) was performed throughout this work to obtain semi-
quantitative composition data. It is a well-established SEM-based technique that determines the 
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relative concentrations of elements in a sample by measuring the characteristic X-rays emitted 
from interaction of the atoms with incident electrons. When a primary SEM electron ejects an 
inner shell electron in the sample atom, the hole is filled by an outer shell electron, which must 
account for the energy difference by emitting an X-ray of characteristic energy for that element. 
The resulting spectra of peaks is analyzed based on the energies of the peaks and their 
corresponding size (number of counts) to obtain the approximate weight percentages of elements 
present.  
 
For this work, EDS was performed in an FEI Quanta SEM equipped with an Oxford X-Max silicon 
drift detector. Data acquisition and peak analysis were performed with the detector’s 
accompanying software, AZtec. The accelerating voltage was maintained at 20kV, and the beam 
current was adjusted between 4 – 16 nA to prevent dead times from exceeding ~50%. Data was 
collected in the form of point spectra, line scans, and maps. For the case of point spectra, weight 
percentages were automatically calculated by AZtec. However, for line scans and maps, this 
feature was not available, and the data remained in the form of counts per second (cps). Despite 
its qualitative nature, EDS line scans and cross sectional maps proved indispensable for measuring 
and visualizing spatial variations in composition along gradient parts.   
 
It is well known that in EDS< elements with atomic number Z < 4 (H, He, and Li) cannot be 
detected, and elements with Z < 11 (including C, N, and O) are difficult to detect because the low 
energy X-rays emitted tend to be reabsorbed by the specimen or detector window. As a result of 
this, element identification with EDS required particular attention to obtain favorable results. 
Initial point spectra were collected with an “Auto ID” option that identified all elements present 
based on the energies of detected peaks. However, misidentification was common due to peak 
overlapping and failure to identify minor alloying elements. For final scans, elements were entered 
manually in lieu of Auto ID to ensure that the percentages of known alloying elements were 
properly captured. An example of the importance of this step is the inaccurate detection of carbon 
that occurred under Auto ID. In practice, recorded weight percentages of carbon were on the order 
of 2 – 4%, far exceeding the amount present in any of the alloys at hand. This is a known issue 
caused by contamination of the SEM vacuum chamber and sample surface with organic material 
(i.e. dust). It has become readily accepted that the carbon measurement should be disregarded in 
this case. Since the true weight percent of carbon in the alloys investigated ranged from only < 
0.001 to 0.23%, disabling its identification for point spectra enabled more accurate values for the 
remaining alloying elements. Similar issues were encountered for other low atomic number 
elements, and these were likewise disabled during the collection of point spectra. For EDS 
mapping, disabling elements such as C, N, and O was unnecessary. Their corresponding maps 
enabled carbides, nitrides, and oxides to be identified, and did not detract from the map data 
generated for all other alloying elements since only relative quantities were being considered.  
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3.4.4   Hardness Testing 
 
Microhardness testing has become a common first approach for assessing mechanical properties 
in additively manufactured parts. Not only does the testing require minimal sample preparation, 
but it is capable of resolving the spatially varying properties characteristic of layer-by-layer 
fabricated parts. For the case of the gradient composition parts in this study, hardness testing was 
particularly effective for rapidly mapping local mechanical properties along the gradient, 
providing a first-order assessment of how these properties evolve with composition.  
 
Compared to other forms of hardness testing, Vickers testing was particularly well-suited to the 
highly variable hardness values encountered in gradient composition samples, since its hardness 
scale encompasses a wider range than any other technique. The testing is performed with a square-
based pyramid diamond indenter with fixed 136º angle, as shown in Figure 3-6, the angle for which 
the hardness value will be constant regardless of load. After indenting a polished sample surface, 
the diagonal lengths of the indent impression must be measured through a microscope. The 
hardness value, 𝐻𝑉, can then be calculated as follows: 

 

𝐻𝑉 =
𝐹
𝐴 =

𝑑M𝐹
2 sin 136°/2 			[kgf/mmM] 

 

where 𝐹 [kgf] is the force applied with the indenter, 𝐴 [mmM] is the surface area of the resulting 
indentation, and 𝑑 [mm] is the average length of the indent diagonal. The resulting hardness value, 
𝐻𝑉 (also referred to as 𝑉𝐻𝑉), has units of kgf/mmM.  
 
In this study, Vickers hardness testing was performed on several different instruments depending 
on availability. These ranged from a fully manual hand-cranked Vickers indenter, requiring indent 
measurements to be made by hand with an optical microscope, to the fully automatic Leco AMH55 
hardness testing system. The procedures were otherwise standard. In all cases, the indenters were 
routinely calibrated with standard samples. The indents were performed on polished samples prior 
to etching with a load of 500 gf and dwell time of 10 to 15 seconds. Indents were placed a distance 
of at least	3𝑑 apart in order to avoid overlap between the adjacent interaction volumes. To increase 
spatial resolution beyond this value, staggered lines of indents were made along the composition 
gradients. This resulted in plots of hardness versus distance along the composition gradient. Since 
in practice, composition did not vary in a linear manner with distance, EDS was also often used to 
measure the approximate composition at each indent such that plots of hardness versus 
composition could be captured. In addition to nominal hardness values, Vickers indentation was 
also used to determine composition ranges within which brittle intermetallic phases were likely to 
be present. Extremely high hardness values and the presence of cracks radiating from the indent 
corners were found to be indicative of hard, brittle material.  
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Figure 3-6: Geometry of Vickers tip and resulting indentation.  

 
 
In addition to microhardness testing, nanoindentation was occasionally performed on gradient 
parts due to its ease of application and ability to evaluate hardness changes on a much smaller 
scale within individual layers. Nanoindentation was performed with a Berkovich indenter in depth-
controlled mode to a depth of 800 nm using a Micro Materials NanoTestTM indenter. Evaluation 
of hardness value and reduced modulus was performed based on the load-displacement curves 
using the Oliver-Pharr method [248]. The area function of the indenter tip was determined by 
calibrating the tool against fused silica. 
 
 
3.5   Thermodynamic Modeling Methods 
 
Thermodynamic modeling in this study consisted of applying the CALPHAD method through 
Thermo-Calc Version 4.1. As mentioned in Section 3.2.2, CALPHAD, which stands for 
Calculation of Phase Diagrams, is a form of computational thermodynamics that can be used to 
determine phase equilibria in complex multicomponent systems. A full description of CALPHAD 
can be found in [249], and a simplified flow chart of the process is provided in Figure 3-7. The 
method makes use of thermodynamic databases that contain experimental and theoretical data 
about known systems. For an unknown system of interest, the Gibbs free energy of each phase is 
first modeled, describing its dependency on temperature, pressure, composition, and empirical 
parameters. An optimization calculation is then performed to find the best fit for the parameters in 
these phase models with the content of the thermodynamic databases. Once this is done, the Gibbs 
free energy of the system can be calculated and minimized to determine phase equilibria and 
generate phase diagrams for higher order systems, ternary and above. Put simply, the method 
allows one to extrapolate the thermodynamic data of known systems to make predictions for more 
complex systems, such as multicomponent alloys. 
 
Implementation of CALPHAD in this thesis is rather straightforward. Initial examination of a 
given gradient path was approached by reducing the system to three major components, and 
generating equilibrium ternary diagrams at various temperatures to model the evolution of phase  
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Figure 3-7: Simplified flow chart conveying the CALPHAD method for predicting phase equilibria 

in complex systems.  
 
 
stability as a function of temperature. Once the rough composition and temperature dependencies 
of significant phases were understood, the additional minor alloying elements were included in 
higher order calculations. In this way, equilibrium phase fractions and driving forces were 
calculated as a function of composition along the gradient at fixed temperatures. At intermediate 
compositions of interest, phase fractions and driving forces were also calculated and plotted as a 
function of temperature. Finally, liquidus and solidus temperatures were calculated along the 
composition gradient.  
 
Results of these calculations were found to be highly dependent upon the choice of thermodynamic 
database. The proprietary databases available in Thermo-Calc are each optimized for a particular 
alloy system, for instance the TCFE7 database for steels, or TTTI3 database for titanium-based 
alloys. In each database, only a limited set of alloying elements and their respective phases are 
defined. As a result of this, calculations performed at compositions far outside the bounds of the 
database are unlikely to produce accurate results. It is therefore meaningless to perform a 
calculation over a gradient from a steel to titanium alloy within the TCFE7 database alone, since 
it will fail to capture higher order phase stability at compositions where the titanium content 
exceeds a few percent. At best, the result will reflect the simple binary phases expected for the 
major constituents for which thermodynamic data is readily available. Depending on the gradient 
and system, this may be sufficient. For all cases explored in this thesis, the results of Thermo-Calc 
predictions were compared to available empirical thermodynamic data whenever possible to 
ensure reasonable agreement. 
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Chapter 4 
 

Development of Titanium to Steel Gradients†
 

 
 
4.1   Introduction 
 
Components containing joints or composition gradients between titanium alloys and steel are of 
interest in many industries, including aerospace, nuclear, and chemical processing. The benefits of 
combining the two alloys is apparent through a comparison of their properties. The high strength-
to-weight ratio and superior corrosion resistance of titanium make its alloys ideal for lightweight 
aerospace structures, as well as key components used in the highly corrosive environments of 
chemical reprocessing, desalination, and power generation plants [250]. Stainless steels, on the 
other hand, offer good strength and ductility at high and low temperatures, good corrosion 
resistance, and good creep resistance, at costs lower by a factor of roughly 17 [251, 252]. As a 
result, they find widespread use in general purpose applications such as heat exchangers, tanks, 
and exhaust components, as well as in structural components and piping in both cryogenic and 
elevated temperature environments. A practical means of joining titanium with steel therefore 
offers a massive cost benefit, enabling the manufacturing of systems that would otherwise be 
exorbitantly expensive.  
 
_____________________ 
†	The	work	presented	in	Sections	4.1	through	4.3	of	this	chapter	was	included	in	the	following	publication:	[253]		
A.	Reichardt,	 et	 al.	 “Development	and	characterization	of	Ti-6Al-4V	 to	304L	 stainless	 steel	 gradient	 components	
fabricated	 with	 laser	 deposition	 additive	 manufacturing”.	Materials	 and	 Design,	 vol.	 104,	 pp.	 404-413,	 2016.	
Coauthors	 Andrew	 A.	 Shapiro,	 Bryan	McEnerney,	 R.	 Peter	 Dillon,	 and	 John	 Paul	 Borgonia	 of	 the	 Jet	 Propulsion	
Laboratory	 are	 acknowledged	 for	 their	 significant	 intellectual	 contributions	 and	 fabrication	of	 gradient	 samples.	
Tatsuki	Momose	is	also	acknowledged	for	his	assistance	with	experimental	efforts.	The	work	has	been	reformulated	
and	built	upon	for	the	purposes	of	this	thesis.	
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One such example relevant to the nuclear energy industry is the design of reprocessing facilities 
for spent nuclear fuel [254-256]. The standard method of nuclear reprocessing, known as PUREX 
(Plutonium Uranium Redox Extraction), requires the fuel elements to be dissolved in a 
concentrated nitric acid solution. With its excellent corrosion resistance in oxidizing acids 
including nitric, titanium is an ideal choice of material for constructing the electrolytic dissolver. 
However, this is not possible unless the associated containment and structural components made 
of austenitic stainless steel can be successfully joined with the dissolver in a leak-tight manner. On 
top of this, the dissimilar joints themselves must be highly resistant to nitric acid corrosion and 
have adequate mechanical strength and bend ductility.  
 
Unfortunately, high integrity joints between titanium alloys and steels are widely sought-after yet 
historically difficult to produce. This chapter is devoted to approaching the problem of joining 
titanium and steel in the form of laser deposited gradient components, according to the methods 
outlined in Chapter 3. It is well-known that attempts to bridge the gap between the two alloys are 
almost universally met with brittle intermetallic formation and poor mechanical properties, as 
detailed below in Section 4.2. In this work, laser deposited gradients transitioning between Ti-6Al-
4V and stainless steel (304L SS and 420 SS) via vanadium interlayers were fabricated as initial 
prototypes, all of which cracked during deposition. Complete characterization of these components 
was performed, and is presented in Section 4.3. The results of this characterization, combined with 
thermodynamic modeling, were then used to determine the causes of cracking and predict 
modifications to the gradient design for future builds. Continuing the iterative development 
process, Section 4.4 then covers the fabrication of a set of modified gradients and exploratory 
builds involving various interlayers (and combinations thereof). Again, continued cracking of 
these gradients was observed, calling for a return to the thermodynamic modeling with a more 
creative approach. The final modeling iteration presented in Section 4.5 culminates in a 
recommendation for a novel, nonlinear gradient path between Ti-6Al-4V and 304L stainless steel 
attainable only with laser deposition.   
 
 
4.2   Challenges 
 
To date, the metallurgical incompatibility of titanium and steel continues to be problematic for 
both fusion and non-fusion welding techniques [164-166, 169]. Direct joining of the two alloys is 
ultimately compromised by the formation of brittle intermetallic compounds, FeTi and Fe2Ti. 
From the binary Fe-Ti phase diagram in Figure 4-1, it can be seen that solid solubility at low 
temperatures is almost nonexistent, and the phase composition is dominated by ordered 
intermetallics. The resulting welds exhibit cracking and poor bend ductility, and are unsuitable for 
service.  Differences in coefficient of thermal expansion (Ti-6Al-4V: 8.6 µm/m-°C; 304L SS: 16.9 
µm/m-°C, mean value 0-100°C) and melting temperature (Ti-6Al-4V: 1660°C; 304L SS: 1450°C) 
also contribute to failure of traditional fusion welding processes. Although non-fusion processes  
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Figure 4-1: Fe-Ti binary phase diagram with FeTi and Fe2Ti intermetallic compounds indicated.  

 
 
such as diffusion bonding and explosion welding can improve upon these issues to some extent 
[165, 166], the final joint properties are still inferior to either base metal. Regardless of the process 
(fusion welding, brazing, friction stir welding, diffusion bonding, or explosion welding, etc.), it 
remains the case that no widely applicable titanium-steel joint of favorable properties has been 
reported on. 
 
Recently, some success has been seen with the introduction of dissimilar interlayers that prevent 
significant mixing between the iron and titanium, and thus modify the final phase composition 
along the joint [167, 168, 209, 210, 257]. Commonly suggested interlayers include Cu, Ni, and 
their alloys, as well as metals known to form continuous solid solutions with Ti, such as Mo, Zr, 
Nb, Ta, and V. Of these, Ni, Cu, and V have been the most widely investigated. Tomashchuk et 
al. [209, 210] showed that Cu and V interlayers reduced the formation of brittle intermetallic 
compounds and significantly improved mechanical properties in laser and electron beam welded 
Ti-6Al-4V to 316L SS. Even so, the integrity of the final joints proved to be extremely sensitive 
to small changes in the size and location of the melt zone. In Kundu et al. [257], commercially 
pure titanium was diffusion bonded to 304 SS using a copper interlayer. The resulting joint 
contained a variety of copper-titanium intermetallics (CuTi, CuTi2, Cu2Ti, Cu3Ti2, Cu4Ti3), but 
still exhibited good yield strength and ductility due to the reduced volume fractions of the more 
problematic iron-titanium compounds. Even so, FeTi and Fe2Ti were still detected, indicating that 
the copper interlayer did not fully block diffusion of alloying elements across the joint. Another 
diffusion bonding study by the same authors [167] showed similar results for the use of a nickel 
alloy interlayer between 17-4 precipitation hardening stainless steel and Ti-6Al-4V. The interlayer 
improved the elongation slightly over direct bonds, however the properties were ultimately limited 
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by the formation of nickel-titanium intermetallics including NiTi, NiTi2, and Ni3Ti. Finally, it is 
worth mentioning an additive manufacturing-based study by Sahasrabudhe et al. [232], in which a 
single powder feeder laser deposition system was used to bond a 410 SS substrate to Ti-6Al-4V 
using a NiCr (Ni-20%Cr) alloy interlayer. Compared to the direct joints, the interlayer eliminated 
cracking in the joint transition and reduced the formation of Fe-Ti intermetallic phases. However, 
precise results on phase formation and segregation observed in the transition region between the 
Ti-alloy and NiCr were not reported on.  
 
A quick examination of the remaining interlayer options shows that the viability of most is rather 
limited. The binary systems of Fe-Mo, Fe-Zr, Fe-Nb, and Fe-Ta are similarly complex and riddled 
with intermetallics, and do not necessarily provide any advantage over the Fe-Ti system. Similarly, 
Cu and Ni are compatible with Fe, but readily form intermetallics with Ti. However, as the 
discussion of literature above indicates, they may still be worth investigating since the presence of 
these intermetallics appears to have a much smaller effect on the joint mechanical properties than 
Fe-Ti intermetallics do. Unfortunately, when process-specific considerations of laser deposition 
are taken into account here, the options are further reduced. Copper is prohibitively difficult to 
deposit due to its high thermal conductivity and low absorptivity of the incident laser energy. Of 
the above, this leaves only Ni as an option that is both metallurgically compatible (to some extent) 
and capable of being processed easily with laser deposition.  
 
The last remaining option considered here, V, is the most promising. According to the American 
Welding Society Handbooks, pure vanadium is the recommended interlayer material for this 
application due to its alleged mutual compatibility with both titanium and iron. Unlike the above 
mentioned systems, both the Ti-V and Fe-V binary diagram are dominated by BCC solid solution. 
However, the Fe-V system also exhibits a large intermetallic phase field at intermediate 
compositions consisting of a hard, brittle sigma (σ) phase [211]. Whether σ-phase formation in 
titanium-vanadium-steel joints is likely, and what effect it will have on joint mechanical properties, 
are issues that have not been reported on elsewhere, and are major subjects of this work. In terms 
of process compatibility, laser deposition of pure vanadium has also not been widely addressed, 
but the properties of the metal suggest it is feasible.  
 
These considerations point to vanadium and nickel-based interlayers as the most promising “leads” 
to consider in developing titanium to steel gradients. Of course, it has been established that laser 
deposition affords much more flexibility than this in terms of carrying out non-linear composition 
paths. Nonetheless, as a start, it is worthwhile to emulate welding practices and begin with simple 
interlayers with the goal of better understanding both the thermodynamics of these systems and 
the process-specific consequences of using laser deposition.  
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4.3   Prototype Gradients 
 
4.3.1   Fabrication 
 
The initial set of laser deposited gradients considered in this study consisted of transitions between 
Ti-6Al-4V and either 304L austenitic stainless steel or 420 martensitic stainless steel via pure 
vanadium. These gradients were fabricated prior to the start of this thesis as part of an exploratory 
study conducted by collaborators in Hofmann, et al. [5, 6], but had not yet been reported on nor 
characterized. Process parameters for these gradients, denoted Gradients A, B, C, and D, are given 
in Table 4-1. The components were deposited on 0.25 in. (0.635 cm) thick metal substrates with 
an RPM Innovations, Inc. Laser Deposition System according to the procedures described in 
Section 3.3. Specifications of the feedstock powders used can be found in Tables 3-4 and 3-5. The 
run log of each gradient is provided in Tables 4-2 through 4-5, which indicate the precise 
composition steps, the number of layers deposited per step, and the powder feed rates used in each 
step. Note that not all gradients could be completed due to mid-fabrication cracking. In these cases, 
the run logs include information about only those layers which were actually deposited. To 
understand the full intended composition gradient and where it was halted, the schematic drawings 
in Figures 4-2 and 4-4 can be referenced. Finally, photographs of the gradients while still attached 
to the build substrates are provided in Figures 4-3 and 4-5. It is important to note that for Gradients 
A and B, the process parameters, including laser power, spot size, and hatch width, were held 
constant throughout the gradients. By contrast, Gradients C and D were deposited with the laser 
power adjusted with composition, as indicated in the corresponding run logs. 
 
Gradient A was intended to begin with Ti-6Al-4V and transition to 304L austenitic stainless steel 
via the addition of vanadium. It is important to note that this gradient did not fully transition to 
pure vanadium before the addition of steel, as can be seen in the Figure 4-2a schematic. It was 
manufactured by first depositing Ti-6Al-4V, followed by the addition of vanadium in 25% vol. 
increments. 17 layers were deposited at each composition step to allow for sufficient sample area 
for post-build analysis. Following the 75% vol. V + 25% vol. Ti-6Al-4V step, the remaining 
titanium alloy was replaced with 25% vol. 304L SS. At layer 126, the fabrication was prematurely 
halted due to cracking and delamination observed in the build, located at the layer in which steel 
was first introduced. The cracking is visible in a photograph of the build in Figure 4-3a. Gradient 
B was intended to investigate the reverse transition, beginning with 304L SS and followed by 
additions of vanadium in finer steps of 3% vol. Only one or two layers were deposited for each 
composition step, resulting in a relatively smooth gradient. However, this component was also 
halted due to cracking along the gradient at a composition of 36% vol. V and 64% vol. 304L SS. 
After deposition was discontinued, it was discovered that cracking had also occurred much earlier 
along the gradient, as indicated in the Figure 4-2b schematic.  
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Gradients C and D consisted of completed transitions from 420 martensitic stainless steel to Ti-
6Al-4V via vanadium. In the case of Gradient C, the gradient began with 25 layers of 420SS, 
followed by two layers of vanadium, and finally 25 layers of Ti-6Al-4V. Gradient D followed a 
similar transition, but with the addition of two layers of a 50/50 volume mixture of vanadium and 
Ti-6Al-4V deposited between the layers of pure vanadium and pure Ti-6Al-4V. See Figures 4-4 
and 4-5 for a side by side comparison of the two gradients. Although cracking also occurred in 
Gradients C and D, it was much less severe than for Gradients A and B, allowing the deposition 
to be completed. Prior to characterization, all four gradients were sectioned and polished in cross 
section according to the methods described in Section 3.5.1. The Ti-6Al-4V-rich areas of Gradient 
A were lightly etched with Kroll’s reagent (2% HF + 8% HNO3 + 90% H2O), and the vanadium-
rich sections were etched with a solution of 25% HF + 50% HNO3 + 25% H2O. Etching of Gradient 
B was performed with glyceregia (3 parts HCl, 1 part HNO3, and 1 part glycerine) due to the higher 
stainless steel content. 
 
 
 

Table 4-1: Process parameters for prototype Gradients A through D.  
 

Gradient	 Substrate	 Powders	
Layer	thickness	

(mm)	
Laser		

Power	(W)	
Hatch	width	

(mm)	
Spot	size	
(mm)	

Scan	speed	
(cm/min.)	

A	 Ti-6Al-4V	
Ti-6Al-4V	(1)	
Vanadium	(1)	
304L	SS	(1)	

0.381	 600	 0.584	 0.991	 76.2	

B	 304	SS	 304L	SS	(1)	
Vanadium	(1)	

0.381	 600	 0.584	 0.991	 76.2	

C	 mild	steel	
420	SS	

Vanadium	(1)	
Ti-6Al-4V	(1)	

0.305	
varied		

(450–800)	
0.584	 1.016	 76.2	

D	 mild	steel	
420	SS	

Vanadium	(1)	
Ti-6Al-4V	(1)	

0.305	
varied		

(600–800)	
0.584	 1.016	 76.2	

 
 

Table 4-2: Gradient A run log (Ti-6Al-4V – Vanadium – 304L SS). 
 

Layer	 Vol.	%												
Ti-6Al-4V	

Vol.	%							
V	

Vol.	%										
304L	SS	

g/min.												
Ti-6Al-4V	

g/min.										
V	

g/min.							
304L	SS	

1–54	 100	 0	 0	 1.700	 0	 0	
55–71	 75	 25	 0	 1.875	 0.770	 0	
72–88	 50	 50	 0	 1.250	 1.550	 0	

89–105	 25	 75	 0	 0.820	 3.080	 0	
106–126	 0	 75	 25	 0	 3.080	 1.140	
Note:	the	process	was	halted	at	Layer	126	due	to	cracking	observed	in	the	build.	
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Table 4-3: Gradient B run log (304L SS – Vanadium). 
 

Layer	 Vol.	%							
V	

Vol.	%										
304L	SS	

g/min.										
V	

g/min.						
304L	SS	

1–54	 0	 100	 0.0000	 2.5000	
55–56	 3	 97	 0.1133	 2.4280	

57	 6	 94	 0.2266	 2.3530	
58–59	 9	 91	 0.3399	 2.2790	

60	 12	 88	 0.4532	 2.2040	
61–62	 15	 85	 0.5665	 2.1300	
63–64	 18	 82	 0.6798	 2.0550	

65	 21	 79	 0.7930	 1.9810	
66–67	 24	 76	 0.9063	 1.9060	

68	 27	 73	 1.0196	 1.8320	
69–70	 30	 70	 1.1329	 1.7570	
71–72	 33	 67	 1.2462	 1.6830	

73	 36	 64	 1.3595	 1.6080	
Note:	the	process	was	halted	at	Layer	73	due	to	cracking	observed	in	the	build.	

 
 

 
             (a)            (b) 

Figure 4-2: Schematic drawings of (a) Gradient A and (b) Gradient B. The greyed-out sections 
represent those areas that were not deposited due to cracking that occurred during deposition. 
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Figure 4-3: Photographs of Gradient A and Gradient B while still attached to the build plate, showing 

mid-build cracking. 
 

 
Table 4-4: Gradient C run log (420 SS – Vanadium – Ti-6Al-4V). 

 

Layer	 Vol.	%												
420	SS	

Vol.	%							
V	

Vol.	%										
Ti-6Al-4V	

g/min.												
420	SS	

g/min.										
V	

g/min.							
Ti-6Al-4V	

Laser	
Power	

1–25	 100	 0	 0	 6.200	 0	 0	 600	W	
26–27	 0	 100	 0	 0	 3.767	 0	 800	W	
28–52	 0	 0	 100	 0	 0	 2.790	 450	W	

 
 

Table 4-5: Gradient D run log (420 SS – Vanadium – 50V/50Ti – Ti-6Al-4V). 
 

Layer	 Vol.	%												
420	SS	

Vol.	%							
V	

Vol.	%										
Ti-6Al-4V	

g/min.												
420	SS	

g/min.										
V	

g/min.							
Ti-6Al-4V	

Laser	
Power	

1–25	 100	 0	 0	 6.200	 0	 0	 600	W	
26–27	 0	 100	 0	 0	 3.767	 0	 800	W	
28–29		 0	 50	 50	 0	 1.853	 1.445	 600	W	
30–54	 0	 0	 100	 0	 0	 2.790	 600	W	

 
 

 
      (a)               (b) 
Figure 4-4: Schematic drawings of (a) Gradient C and (b) Gradient D. The 50/50 layer in Gradient D 

is composed of 50% vol. vanadium with 50% vol. Ti-6Al-4V.  
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Figure 4-5: Photographs of Gradient C and Gradient D while still attached to the build plate. 

 
 
4.3.2   Characterization  
 
Characterization of Gradient A: Ti-6Al-4V – Vanadium – 304L Stainless Steel 
 
In order to understand the evolution of microstructure and phases in Gradient A, various regions 
were mapped with EBSD and EDS as designated in Figure 4-6. In the pure Ti-6Al-4V region of 
the sample (Region 1), optical and electron micrographs show a microstructure consistent with 
that observed in laser deposited alpha-beta titanium alloys elsewhere (Figure 4-7) [258, 259]. Upon 
cooling the molten alloy from its melting temperature (1660 °C), it first solidifies in the beta (BCC) 
phase. Further cooling below the “beta transus” temperature of 980 °C results in the formation of 
the alpha (HCP) phase in a morphology dependent upon cooling rate. Under slow cooling, the 
alpha tends to form in plates with a crystallographic orientation relationship to the existing beta, 
based upon alignment of the alpha close-packed planes with a particular set of planes in the beta 
lattice. Growth is faster along this plane due to the close atomic lattice match, leading to the 
commonly observed plate-like morphology. Due to the existence of six nonparallel sets of such 
planes, a characteristic basket-weave or Widmanstätten structure can also appear. Under more 
rapid cooling of the beta phase (> 410 °C/s), a martensitic transformation is also possible, leading 
to fine, acicular 𝛼′ martensite [260].   
 
In the laser deposited Ti-6Al-4V in Gradient A, it can be seen in Figure 4-7a that remelting leads 
to large columnar prior beta grains (~250 µm wide) that grow parallel to the build direction across 
many deposited layers. Within these grains, a fine structure of alpha platelets is observed (Figure 
4-7b). EBSD grain orientation and phase mapping of a ~25 µm × 75 µm region of the material 
was also performed (Figure 4-7c), identifying the phase as predominantly 𝛼-Ti (HCP). Whether 
this structure corresponds 𝛼 versus 𝛼′ cannot be determined with the techniques available, however 
the scale of the structure corresponds most closely to the acicular martensitic form, indicating high 
cooling rates during fabrication.  
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As 25% vol. vanadium is added to the Ti-6Al-4V along the gradient, the large columnar beta grains 
are still observed, however the alpha structure within them is no longer present. It is well known 
that vanadium lowers the beta transus temperature of alpha-beta titanium alloys, and thus act as a 
beta stabilizer. In this case, the addition of 25% vol. vanadium and above is more than enough to 
eliminate the alpha phase altogether, leading to a BCC solid solution only. This can be seen in the 
EBSD mapping of Region 2, which bridges the transition between the 25% vol. and 50% vol. 
vanadium (Ti-6Al-4V bal.) composition steps (Figure 4-8). An IPF X map and inverse pole figures 
from this region indicate that there is a strong preferred orientation of [001] in the columnar grains 
with respect to the build direction. Phase mapping (not pictured) also shows that the component is 
almost uniformly in the BCC phase in both the 25% vol. and 50% vol. vanadium regions.  
 
EDS mapping of the same region (Region 2) is shown in Figure 4-8c and d. In the Ti and V element 
concentration maps, the boundaries of individually deposited layers are visible due to significant  
elemental segregation both between and within layers. The sharply defined transition between 
layers suggests less than optimal intermixing of the deposited material from layer to layer. Another 
feature of note is the presence of multiple 75-150 µm diameter vanadium-rich inclusions within 
layers. Given that the vanadium powder particles ranged in size from 45 to 250 µm, these 
vanadium-rich spots are likely entrapped unmelted powder particles. Unmelted powder particles 
have been observed by others in laser deposited components, and have been shown to facilitate the 
nucleation and propagation of thermal fatigue cracks [110]. Although the elemental segregation 
and presence of occasional unmelted vanadium particles would seem to indicate insufficient melt 
pool temperatures, the continuous formation of columnar grains through many layers in these areas 
suggests sufficient remelting of prior layers to enable consistent grain growth and nucleation 
despite these defects. 
 
As 75% vol. vanadium (Ti-6Al-4V bal.) is reached, a prominent change in grain morphology 
occurs (Figure 4-9). EBSD mapping of Region 3 shows a transition from large columnar grains in 
the 50% vol. V area to smaller equiaxed 100-200 µm grains in the 75% vol. V area. The smaller 
grains are random in orientation and do not appear to extend through multiple layers of deposited 
material. As previously described, columnar grains in additive manufacturing of metals are the 
result of partial re-melting of the previously deposited layer allowing previous grains to serve as 
nucleation sites for solidification of the subsequent layer. The loss of this effect in the 75% vol. V 
layers indicates insufficient heat input in the specimen during deposition. Due to experimental 
limitations, only one sample was produced to demonstrate the change from 50 to 75% vol. 
vanadium where a change from columnar to equiaxed microstructure was observed.  It is unclear 
if this change is due to material variation or the manufacturing process, but it is likely that the 
change indicates insufficient heat input in the specimen during deposition. EDS mapping of this 
region (Figure 5(c) and (d)) also shows a defined transition from relatively uniform composition 
in the 50% vol. V layers to significant V and Ti segregation in the 75% vol. V layers. In addition, 
the frequency of unmelted vanadium powder inclusions is much greater. The observation of 
multiple inhomogeneous features in powder mixing and grain morphology indicate that 
insufficient melting occurred beyond the addition of 50% vol. V, most likely due to the higher 
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melting temperature of the increased V-content mixture (TM(V) = 1910°C, TM(Ti-6Al-4V) = 
1660°C). This observation demonstrates that for the case of this gradient, step-by-step adjustment 
of process parameters with composition will be required to achieve homogeneous microstructures 
and mixing in multi-material components, since the alloys involved have large differences in 
melting temperature.  
 
Continuing along the gradient, cracking was observed immediately upon the deposition of the first 
layer containing 25% vol. 304L SS (V bal.). The cause of this cracking was investigated with EDS 
mapping of the surface leading up to the cracked edge (Figure 4-10). Above-background quantities 
of both Fe and Ti appear in the layer adjacent to the observed cracking and delamination. This 
indicates that even small amounts of inter-layer mixing between Ti- and Fe-containing layers is 
sufficient for mid-fabrication component failure. XRD analysis also confirmed the presence of 
FeTi compounds on the crack surface (Figure 4-11). 

 
EBSD phase mapping of the remaining cracked off material, containing 75% vol. V and 25% vol. 
304L SS, was also performed to examine phase composition and grain morphology in the Fe-V-
Cr system. Results indicate predominantly BCC phase is present, as expected given the high 
vanadium content. Again there is a high density of unmelted vanadium powder particles in the 
sample, representative of insufficient melting temperatures due to high V content. Fine cracks also 
appear throughout this region both parallel and non-parallel to the build direction. 
 
Average Vickers hardness measurements for each composition step, as well as nanoindentation 
hardness values along the composition gradient are plotted in Figure 4-12. A total of 8 to 10 indents 
were performed in each composition step. The pure deposited Ti-6Al-4V has an average Vickers 
hardness of 322 HV, lower than values reported for both the commercial wrought alloy (~349-372 
HV) and that reported elsewhere for the laser deposited alloy (~365-390 HV) [259]. A further drop 
in hardness in the component is observed with the addition of 25% vol. V to the Ti-6Al-4V due to 
the transition to the softer BCC phase. The hardness profile measured here closely parallel that 
reported in a collaborators’ study [6] for a component transitioning from Ti-6Al-4V to elemental 
vanadium. Nanoindentation hardness measurements made at 0.1mm intervals along the sample 
gradient also indicate that variations in hardness are present from layer to layer. The magnitude of 
these variations increases with vanadium content. It is surmised that this is a result of the increased 
elemental segregation which creates local composition changes with varying hardness. The elastic 
modulus as a function of distance along the sample also decreases from ~144 GPa to ~112 GPa 
with the addition of 25% vol. vanadium, corresponding to the phase change from predominantly 
alpha to beta, which is known for its lower elastic modulus. 
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 Figure 4-6: Schematic drawings of Gradient A showing approximate locations of regions mapped 

with EBSD and EDS. 
 
 

 
Figure 4-7: Optical image of the microstructure in Region 1 (Ti-6Al-4V) of Gradient A, showing (a) 

prior beta columnar grains, (b) higher magnification SEM image of the alpha structure, and (c) EBSD 
IPF X orientation map showing orientation with respect to the build direction. 
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Figure 4-8: EBSD and EDS mapping of Region 2 (transition from 25% vol. to 50% vol. V). The 

EBSD IPF X map and inverse pole figures show strong texture of [001] in the build direction. EDS 
maps of relative Ti and V concentrations show vanadium powder inclusions and inhomogeneous 

distribution of elements. 
 
 

 
Figure 4-9: EBSD and EDS mapping of Region 3 (transition from 50% vol. to 75% vol. V), showing 

a prominent change in grain morphology and extent of mixing of the Ti-6Al-4V and V powders.  
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Figure 4-10: EDS mapping of Ti, V, and Fe content in Region 4, leading up to the cracked edge at 

the first introduction of 304L SS.  
 
 

 
Figure 4-11: Results of X-ray diffraction on the cracked surface of Gradient A, showing FeTi peaks. 
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Figure 4-12: Vickers hardness and nanoindentation (hardness and elastic modulus) plotted as a 

function of distance along Gradient A. 3σ error bars for Vickers hardness measurements are given for 
the set of measurements made each composition step.  
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Characterization of Gradient B: 304L Stainless Steel – Vanadium  
 
Referring to the Gradient B run log (Table 4-3) and schematic representation in Figure 4-2b, it is 
important to note that this component was deposited with only 1 or 2 layers per composition step, 
and with much finer steps in composition space (3% vol. increments). Although the build was 
prematurely terminated at a nominal composition of 36% vol. vanadium (with 64% vol. 304L SS), 
severe cracking actually occurred in the build at significantly lower vanadium content layers, and 
the material from subsequent layers fully cracked off prior to analysis. It is worth mentioning that 
this precise gradient path was fabricated in several iterations, and all such builds also displayed 
cracking during fabrication in the vicinity of this composition (within a single 3% vol. composition 
step), suggesting the formation of a brittle phase associated with this composition threshold. Due 
to the large amount of cracked off material, only the portion of the gradient leading up to the first 
instance of cracking was characterized.  
 
A set of three EBSD and EDS scans were performed along the gradient, beginning at the cracked 
edge and then progressing further down the build. Approximate locations of these scans are 
indicated in the Figure 4-13 schematic. Phase indexing with EBSD was performed for BCC- and 
FCC-Fe, as well as the FeCr sigma phase (σ-FeCr). Crystallographic data for the σ-FeCr phase 
was obtained from Pearson’s Handbook for Intermetallic Phases [261]. This information was 
entered manually into the EBSD Channel 5 Twist software in order to compute the reflector data 
used for indexing. The same procedure was followed for the σ-FeV phase. In practice, it was found 
that the EBSD indexing was not capable of distinguishing between the σ-FeCr and σ-FeV sigma 
phases due to their nearly equivalent structures and lattice parameters. Final scans were therefore 
only indexed with the σ-FeCr, with the understanding that the actual phase likely contains both Cr 
and V atoms interchangeably. A more detailed description of Fe-Cr and Fe-V sigma phases and 
their formation is contained in Section 4.3.3 on thermodynamic analysis.   
 
Near the cracked edge of the sample (Region 3), EBSD phase mapping shows the clear formation 
of a sigma phase within the final layer deposited before cracking (Figure 4-14b). Prior to this layer, 
the phase is predominantly BCC, but discrete areas of sigma phase are also indexed in these layers. 
When viewed next to the EDS map of vanadium concentration, it appears that sigma phase 
formation in the layers prior to cracking coincides with local increases in vanadium content within 
these layers, such as the material immediately surrounding unmelted vanadium powder inclusions. 
This indicates that there is a defined threshold in vanadium content in the stainless steel above 
which the sigma phase is readily formed. EDS point analysis of the sigma phase in the cracked 
edge of the sample gives an approximate vanadium content of ~17% wt. (~22% vol.) for this 
threshold. In the EBSD grain orientation map of this region (Figure 4-14a), a non-uniform 
microstructure is observed with significant variations in grain size and shape from layer to layer. 
This effect can be seen more obviously in lower vanadium content areas of the build (Region 2, 
Figure 4-15), and is likely a manifestation of steep temperature gradients and local variations in 
cooling rates in the laser deposited material [262, 263].  
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Using EDS point spectra, it was determined that Region 2 mapped in Figure 4-15a consists of the 
composition spanning from approximately 9 wt% to 4 wt% vanadium. The material is 
predominantly in the BCC phase in this composition range, however sigma phase formation is still 
observed in small amounts of material surrounding unmelted vanadium powder inclusions due to 
the higher local vanadium content. At the far end of this scan, the vanadium content is low enough 
(~4%) to facilitate the transition from ferrite to austenite. The grain morphology in this region is 
overall inconsistent from layer to layer, ranging from very fine <20 µm equiaxed grains to 
elongated 20 µm wide by up to 250 µm long grains, as well as larger ~100 µm equiaxed grains. 
Grain size and elongation appears to increase with lower vanadium content, however upon the full 
transition to the austenite phase (Region 1, Figure 4-15b), the morphology changes and the grain 
size becomes much finer. A higher resolution EBSD scan of the FCC to BCC transition (Figure 4-
13c) shows that the phase transition occurs over roughly the thickness of a single deposited layer 
(0.381 mm), and follows the contours of vanadium content. At the phase transition, fine grained 
austenite precipitates at ferrite grain boundaries and in vanadium-depleted areas.  
 
Vickers hardness measurements made along the length of the component (Figure 4-16) show a 
relatively constant hardness of ~185 HV through the pure deposited SS, followed by an increase 
in hardness corresponding to the introduction of vanadium. A maximum Vickers hardness of 304L 
is measured near the cracked edge of the sample at ~15 wt% V. Since Vickers hardness of pure 
vanadium metal is expected to be on the order of 170 HV, it is likely that the formation of hard 
phases in the Fe-V-Cr system is responsible for the observed increases in hardness with vanadium 
content. 
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Figure 4-13: Schematic drawings of Gradient B showing approximate locations of regions mapped 

with EBSD and EDS. 
 
 

 
Figure 4-14: EBSD and EDS mapping of Gradient B Region 3, showing (a) Euler color (grain 

orientation), (b) phase, and (c) vanadium concentration. The cracked edge of the sample is located at 
the top of the scan. The indicated vanadium percentages are by weight.  
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Figure 4-15: EBSD orientation and phase mapping of Gradient B, showing (a) Region 2, and (b) 

Region 1. The vanadium content decreases from left to right as indicated. Higher resolution EBS and 
EDS maps of the FCC to BCC transition are shown in (c).  

 
 

 
Figure 4-16: Vickers hardness results along the composition gradient of Gradient B. 
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Characterization of Gradients C and D: 420 Stainless Steel – Vanadium – Ti-6Al-4V 
 
Characterization of Gradients C and D, involving 420 martensitic stainless steel, led to noticeably 
different results when compared with the austenitic stainless steel gradients. As previously 
described, these components were fabricated with little or no actual “grading”, meaning a lack of 
intermediate composition steps were deposited. The result is a rather narrow composition gradient 
zone, which can be surveyed in a single view with microscopy.  
 
From the optical images of Gradient C in Figure 4-17, obvious cracking is present at the 
approximate location of the vanadium layers, extending through the thickness of the build. Unlike 
in Gradients A and B, this cracking was not accompanied by severe delamination, and therefore 
did not require the build to be stopped before completion. The cracks appear to originate at the 
interface of the vanadium and titanium layers, and then propagate down vertically and eventually 
horizontally through the build. The presence of unmelted vanadium powder inclusions in the 
gradient area, as well as occasional porosity in the 420 SS, is also noted. Although the sample 
surface shown was not chemically etched, these features became visible after polishing due to 
variations in hardness with composition. Softer compositions were preferentially polished away, 
leading to the uneven surface shown.   
 
To determine the evolution of composition and phases along Gradient C, EDS and EBSD mapping 
were performed, as shown in Figure 4-18. From the EDS maps of the three major elements 
involved, Fe, V, and Ti, it is apparent that the composition profile does not correspond to that 
dictated by the run log in Table 4-4. A significant degree of self-grading has occurred due to 
remelting and mixing between adjacent layers, leading to the spreading of the SS and vanadium 
up through the build many layers beyond where they were actually deposited. This observation is 
confirmed by the EDS line scan data in Figure 4-19, where it can be seen that even after the 420 
SS ceases being deposited, the concentration of Fe does not decrease to negligible quantities until 
a distance equally to roughly 7 layer thickness, or ~2mm. As a consequence, not only is a 
composition of 100% vanadium never reached (the maximum measured is ~65% wt. vanadium), 
but there also exists a narrow region where appreciable amounts of both Fe and Ti are present (~8 
wt% Fe and ~55 wt% Ti). This region, indicated in Figure 4-19a by a grey band, corresponds to 
the location at which the observed cracking originated. The formation of Fe-Ti intermetallics is 
therefore the most likely cause, due to the two layers of vanadium being insufficient to create a 
barrier between the 420 SS and Ti-6Al-4V. The extent of layer-to-layer mixing observed here 
highlights the necessity of adding extra “padding” in any interlayers used to prevent intermetallic 
formation. Based on the analysis of this component, the interlayer material should be deposited 
over at least 10 layers to ensure the previous alloy is no longer present. More conservative numbers 
may need to be used, however, if process parameters are dramatically altered (e.g. a large increase 
in laser power).   
 
Also apparent from the EDS maps is significant segregation of alloying elements within individual 
layers, particularly between the 420 SS and vanadium. This is likely due to the ~30% difference 
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in density between the two materials (420SS: 7.74 g/cm3; V: 5.8 g/cm3). As previously pointed 
out, differences in density between laser deposited powders can cause melt pool segregation due 
to the less dense material’s relatively higher buoyancy.  
 
Vickers indentation was also performed along the gradient, and the compositions at each indent 
were subsequently measured by collecting local EDS spectra. The results are plotted in Figure 4-
19b. Two major “dips” in hardness are observed. The first corresponds to the addition of vanadium 
to the 420 SS, which stabilizes the softer BCC phase, thus preventing the formation of harder 
martensite. The second corresponds to a similar effect with Ti-6Al-4V, whereby the increased 
vanadium content is also expected to stabilize the softer beta (BCC) phase. In the middle of the 
gradient at the highest vanadium contents, the hardness returns to higher values (400-450 HV).   
 
The results of EBSD mapping of Gradient C, performed simultaneously with the EDS, can be seen 
in Figures 4-18, 4-20, and 4-21. The phases included in indexing included BCC-Fe, BCC-V, BCC-
Ti, and σ-FeCr. From the phase map in Figure  4-18f, it can be seen that the majority of the area 
scanned is indexed as BCC-Fe, even when the Fe content is rather low. Since no lattice parameter 
information is taken into account, precise phase identification is limited, leading to an inability to 
distinguish between the BCC phases of Fe, V, and Ti. The full microstructural evolution along the 
gradient is described in Figure 4-20. At the bottom of the scan, the fine microstructure of the 420 
SS martensite cannot be resolved as this magnification, leading to mostly zero-solutions and noise. 
As some vanadium is added, the BCC phase is stabilized, and the material consists of fine BCC 
grains. Continuing up the gradient, the grains coarsen as more vanadium is added. In this region, 
the layer boundaries (or rather, melt pool boundaries) are clearly evident, and the grain size varies 
significantly within each layer. The bottom of each layer consists of much finer grains, presumably 
due to the fastest cooling rates being experienced at the bottom of the melt pool. As the titanium 
content increases and the nominal composition of Ti-6Al-4V is reached, the indexing once again 
is unsuccessful, due to the fine alpha structure of Ti-6Al-4V being unresolved at this 
magnification.   
 
The most interesting finding from the EBSD mapping of Gradient C is the presence of a thin sliver 
of sigma phase identified at the interface between the vanadium and 420 SS. The location of the 
sigma phase is pointed out most clearly in Figure 4-21. Initially, it would appear that the 
combination of 420 SS and vanadium does not form the sigma phase nearly as readily as the case 
of 304L SS with vanadium. However, examining the compositions that occur in this vicinity 
indicates that perhaps this was just a matter of luck. Using EDS, point spectra were collected both 
within and immediately adjacent to the sigma phase. The sigma phase itself contains 31-34 % wt. 
V. The interesting observation is that this composition range only appears in very limited amounts. 
In the material immediately surrounding the sigma phase, the vanadium content is measured at 11 
% wt. and 45% wt. above and below, respectively. Therefore, it is possible that the sigma phase 
would also form at a wider composition range (> 11 wt% and < 45 wt% V), but these compositions 
simply did not appear in the gradient at all. By avoiding direct deposition of these intermediate 
compositions, the sigma phase formation was clearly minimized. However, because of dilution 
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and self-grading, this also means a lack of control over which intermediate compositions will 
actually occur. Of course, any change in process parameters will influence the extent of dilution, 
leading to a lack of predictability in terms of the final composition profile and thus amount of 
sigma phase formation.  
 
Gradient D followed a rather similar run log, and the results of its analysis were very similar to 
that described above. EBSD and EDS maps of Gradient D are shown in Figure 4-22. Cracking, 
self-grading, melt pool segregation, and unmelted vanadium powder inclusions are similarly 
present. Again, a thin sliver of sigma phase appears at the interface between the 420 SS and the 
vanadium at a location where the vanadium content is equal to ~34-36 % wt. Further discussion 
of the sigma phase in the context of these gradients is covered in the following Section 4.3.3 on 
thermodynamic analysis. 
 
 

 
            (a) 

 
   (b)            (c) 
Figure 4-17: Optical microscope images of the composition gradient region of Gradient C, showing 

extensive cracking and the presence of unmelted vanadium powder inclusions.  
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     (a)        (b)           (c) 

 
    (d)         (e)           (f) 
Figure 4-18: EDS and EBSD mapping from the same location along Gradient C, showing EDS maps 
(a), (b), and (c) of Fe, V, and Ti, respectively, and EBSD maps of (d) band contrast, (e) Euler color 

(grain orientation), and (f) phase. The build direction is vertical.  
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(a) 

 

 
(b) 

Figure 4-19: (a) EDS line scan data for Fe, V, and Ti along Gradient C. The dotted line represents the 
approximate average weight percent of 420 SS present in each apparent step in composition, 

calculated from the measured Fe wt%. The area shaded in grey indicates a narrow section of the 
gradient which clearly contains both Fe and Ti (~8 wt% Fe and ~55 wt% Ti) and corresponds to the 
incidence of vertical cracking in the sample. (b) Plot of Vickers hardness data along Gradient C, and 

the weight percentages of Fe, V, and Ti as measured at each indent with EDS.  
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Figure 4-20: Description of microstructural evolution along Gradient C, as demonstrated with EBSD 

band contrast and Euler color maps compared with EDS spectra acquired along the composition 
gradient. 
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Figure 4-21: EBSD phase map showing trace amounts of sigma phase indexed at precise vanadium 

contents, as measured with EDS point spectra.  
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   (a)       (b)            (c) 

 
   (d)       (e)            (f) 
Figure 4-22: EDS and EBSD mapping from the same location along Gradient D, showing EDS maps 
(a), (b), and (c) of Fe, V, and Ti, respectively, and EBSD maps of (d) band contrast, (e) Euler color 

(grain orientation), and (f) phase. Sigma phase presence is indicated with a white arrow. 
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4.3.3   Thermodynamic Analysis 
 
From the prototype gradient analysis, it is clear that a simple linear transition to a vanadium 
interlayer is insufficient to avoid brittle phase formation. Rather, the gradient path must be further 
optimized such that it will traverse only favorable regions of composition space. EBSD phase 
mapping demonstrated that the phase transformations of interest tend to occur at precise 
composition thresholds, making the phase composition along the gradient rather predictable 
despite local variations in thermal history. This makes the system an excellent contender for 
CALPHAD thermodynamic modeling according to the methods and approach described in 
Chapter 3.   
 
Unfortunately, simultaneous modeling of the entire gradient path is not feasible, since no single 
thermodynamic database can account for such a wide composition range. Rather, each phase of 
interest can be considered independently to determine the best way to model its occurrence. 
Cracking in Gradients A, C, and D, was predominantly attributed to the formation of brittle FeTi 
and Fe2Ti intermetallics. Since even limited mixing between adjacent Fe- and Ti-containing layers 
is sufficient for form these compounds and induce cracking, the interlayer must be deposited such 
that it creates a full barrier between the two alloys. This means it is necessary to deposit layers 
consisting of 100% vanadium, and in sufficient number to overcome any intermixing caused by 
dilution.  
 
Of course, the greater issue encountered is the formation of an Fe-Cr-V sigma (σ) phase along the 
transition between stainless steel and vanadium. “σ-phase” refers to a metastable hard, brittle 
intermetallic phase that occurs in a large number of alloy systems, including Fe-Cr and Fe-V [211]. 
In austenitic stainless steels with Cr content approaching 20%, σ-FeCr precipitates directly from 
any delta ferrite (δ-Fe) present, leading to the deterioration of mechanical, corrosion, and 
weldability properties. Fortunately for these alloys, the composition and temperature stability of 
σ-FeCr is rather limited, as apparent from the Fe-Cr binary diagram given in Figure 4-23a. σ-phase 
in the Fe-Cr system thus only tends to occur after long time periods spent at elevated tmperatures. 
By contrast, the Fe-V binary diagram in Figure 4-24b shows that the stability of the σ-FeV phase 
extends over a much wider composition and temperature range, from ~32 – 64% wt. V and up to 
~1224 °C. Combined, this increases the probability of occurrence of σ-FeV to 20 times higher than 
σ-FeCr [211]. The addition of vanadium to an Fe-Cr system is therefore likely to promote sigma 
phase formation, leading ultimately to increased hardness and decreased toughness and elongation 
[264].  
 
Optimal transformation temperatures for the σ-phase are dependent on composition, however an 
examination of TTT curves in various Fe-Cr alloys indicates the rate of σ-precipitation is highest 
at ~850°C and becomes negligible at temperatures above 950°C and below 700°C [243, 264]. 
These temperatures will of course differ for the Fe-V system, however it provides a good starting  
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         (a)                (b) 

Figure 4-23: Comparison of binary equilibrium diagrams for Fe-Cr and Fe-V systems, showing 
differences in extent of σ-phase stability.  

 
 
point for considering the system kinetics. Given the higher stability temperatures of σ-FeV, it is 
likely that the peak transformation temperature would also be slightly higher. However, the 
composition stability also decreases at these temperatures. 850 °C is thus a good starting point that 
takes into account both the system-specific kinetics and composition stability of the σ-phase.  
 
The thermodynamic analysis presented here is focused on the gradient between vanadium and 
304L austenitic stainless steel, specifically. The direct linear path between 304L SS and vanadium 
was modeled in Thermo-Calc using the TCFe7 database for steels. Equilibrium phase fractions at 
three fixed temperatures (850 °C, 750 °C, and 650 °C) were plotted as a function of composition 
along the gradient, as shown in Figure 4-24. Note that the results only show phase fractions for the 
dominant phases, FCC, BCC, and σ. All other secondary phases consisted of impurities and low 
melting eutectics, and were predicted in negligible quantities (<0.01%). As observed 
experimentally, the FCC phase is stable only at very low vanadium contents (below a few percent). 
At 850 °C, BCC becomes the dominant equilibrium phase after ~5% wt. vanadium. Intermediate 
vanadium contents then give way to the appearance of the σ-phase, with growing stability at 
decreasing temperatures. The evolution of σ-phase stability over this temperature range is even 
more apparent in Figure 4-24d. At 850 °C, the σ-phase is stable in the range of ~25-46% wt. 
vanadium. As the temperature is reduced to 750 °C, the σ-FeCr phase becomes independently 
stable within the 304L SS itself and at very low vanadium contents. This corresponds to the σ that 
causes issues in austenitic stainless steels like 304L during service. Below this temperature, the 
two phases merge and become stable over a much wider range.  
 
The equilibrium phase fraction plots obviously agree with the experimental findings, that a linear 
gradient path inevitably crosses significant ranges of σ-phase stability, however they are of little 
use in identifying an alternative gradient path. In order to do this, the bounds of the sigma phase 
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           (a)             (b) 

         
           (c)             (d) 

Figure 4-24: Equilibrium phase fractions along the linear composition gradient from 304L SS 
(vanadium weight fraction zero) to vanadium, as calculated with Thermo-Calc TCFe7 database for 

(a) 850 °C, (b) 750 °C, and (c) 650 °C. Equilibrium fractions of σ-phase at various temperatures 
along the composition gradient are also shown in a single plot in (d).   

 
 
must be determined by exploring neighboring regions of composition space just outside of the 
linear path. The best way to visualize this is by reducing the higher order system to a ternary one, 
thereby allowing the system to be visualized in terms of isothermal ternary phase diagrams. In this 
case, the Fe-Cr-V ternary system accounts for the majority of the thermodynamics of interest. 
Although it is true that a higher order system would be required to capture the effects of the other 
alloying elements involved, it can be assumed in this case that their impact on the formation of σ-
phase is negligible. When considering 304L SS, the remaining alloying elements of note (Ni, Mn, 
and C) contribute to stabilizing austenite. At very low vanadium contents, this undoubtedly 
modifies the phase composition to consist of austenite rather than ferrite. However, experimentally 
it is apparent that even with these alloying elements, vanadium contents as low as 3% wt. are 
sufficient to stabilize ferrite. Beyond this point, the austenite-stabilizing elements will have little 
effect on promoting or reducing σ-phase formation. In the interest of obtaining the visualization 
afforded by ternary systems, the composition of 304L SS can therefore be approximated as Fe-
18% Cr within the ternary Fe-Cr-V system.  
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Figure 4-25: Ternary Fe-Cr-V phase diagram at 850 °C generated with Thermo-Calc using TCFe7 
database. The approximate linear gradient path between 304L SS and V is indicated with a line, the 

solid portion corresponding to the path taken by Gradient B leading up to the first instance of 
cracking at ~17% wt. vanadium.  

 
 
The isothermal 850 °C equilibrium diagram for the Fe-Cr-V ternary system, calculated with from 
Thermo-Calc TCFe7 database, is shown in Figure 4-25. The dominant feature in the diagram is of 
course the σ-phase field extending over a wide composition range in the ternary system. If the 
intended composition path followed in Gradient B is traced on the diagram (From 304L SS to 
vanadium), it can be seen that this path directly intersects the σ-phase field. Furthermore, the 
composition threshold for σ-phase formation that was identified experimentally, ~17% wt V, is 
located just at the border of the σ-phase field, showing good agreement with the experimental 
findings and equilibrium predictions at this temperature. To confirm the upper bound on vanadium 
content for σ formation, it is necessary to deposit a fine-stepped gradient in the opposite direction, 
starting with vanadium and gradually introducing more 304L SS. Fabrication of such a gradient 
was indeed performed, and is discussed in the following Section 4.4.  
 
Plotting the ternary diagram over a range of temperatures (600-1100 °C), as shown in Figure 4-26, 
gives an idea of the evolution of the σ-phase with temperature. Again, at higher temperatures, the 
phase exists over a limited composition range. As the temperature is lowered, the composition 
stability expands dramatically. However, as the temperature decreases, so will diffusion rates and  
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Figure 4-26: Ternary Fe-Cr-V diagrams generated at various temperatures using Thermo-Calc TCFe7 

database, showing the evolution of the σ-phase stability over temperature. 



 115 

 
(a) 

 

 
(b) 

Figure 4-27: Two possible composition paths between 304L SS and V, considered in the context of 
ternary Fe-Cr-V diagrams at 850 °C, 750 °C, and 650 °C. The significant of these temperatures is 

described in (a). Path (a) consists of a path that circumvents the σ-phase field, while path (b) 
represents a discontinuous jump across it.  

 
 
transformation kinetics, making the stability range at these temperatures progressively less 
important. Given the fast cooling rates associated with laser deposition, it is unlikely that the 
material will spend sufficient time at 700 °C to overcome the slower rates of diffusion. However, 
σ-phase could also develop after deposition if the gradient is subsequently subjected to heat treated 
or service in this temperature range. It is therefore necessary to keep in mind the phase’s stability 
at these lower temperatures, as well.  
 
Based on these phase diagrams, there are two possible modified gradient paths within the Fe-Cr-
V ternary that can be considered. The two paths are shown in Figure 4-27 in the context of the 
equilibrium ternary diagrams plotted at 850 °C, 750 °C, and 650 °C. The first option is to attempt 
to circumvent the σ-phase field with a nonlinear composition path that extends towards higher Cr 
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contents. Although this path safely skirts around the σ-phase stability at 850 °C, meaning the σ-
phase is unlikely to form during laser deposition, this is not the case below this temperature. As 
mentioned, this would make the gradient prone to sigma phase formation during heat treatments 
or high temperature service. Since the σ-phase meets the Fe-Cr binary edge of the diagram at these 
temperatures, there is no gradient path within the ternary system that can avoid it. In addition, since 
three primary components would need to be mixed in a nonlinear fashion, carrying out this type 
of gradient would require either custom ex situ powder mixing and/or the addition of an extra 
powder feeder to the system.  
 
The only remaining option within the bounds of the ternary system is to attempt a discontinuous 
“jump” over the σ-phase field by avoiding compositions in the range of ~17% to 42% wt. (~22% 
to 50% vol.) vanadium. This solution is attractive from a standpoint of being simple to carry out 
experimentally. Of course, whether or not the sigma phase will form at the interface of these steps 
is dependent upon the extent of dilution that occurs. If significant mixing between adjacent layers 
occurs, intermediate compositions with sigma phase stability may appear. Ultimately, fabrication 
of more experimental gradient builds is necessary to fully understand this and other potential path 
options.  
 
4.3.4   Process Parameter Adjustment 
 
Although this thesis is focused on the metallurgical interactions and microstructural evolution 
occurring along gradients, the characterization presented above confirms that composition-
dependent adjustment of process parameters is the next most important consideration. At the 
current fixed process parameters, issues including insufficient melting, poor mixing, and unmelted 
powder inclusions are observed beyond a certain vanadium content. Table 4-6 provides a 
comparison of the relevant material properties for the three alloys in the gradient, Ti-6Al-4V, 304L 
SS, and vanadium. As previously noted, the melting point of vanadium is 250 °C higher than that 
of Ti-6Al-4V, and 456 °C higher than that of 304L SS. The observed effects were most likely 
caused by the transition to a much higher melting point material (vanadium), and exacerbated by 
differences in thermal conductivity and density. Without enough heat input, mixing within the melt 
pool was poor, and occasional powder particles were not incorporated.   
 
The total energy can be increased during laser deposition by increasing the laser power, decreasing 
the scan speed, or a combination thereof. Adjusting laser power is, of course, the more efficient 
option in that it does not lengthen the total build time. In this case, the goal is to increase the laser 
power enough to eliminate the defects observed at higher vanadium contents. The minimum laser 
power required to melt pure vanadium can be approximated with the empirical model introduced 
in Section 3.2.3. Based on this model, a laser power of 600 W will result in a melt pool temperature 
of ~1806 °C, which more than sufficient for processing both Ti-6Al-4V and 304L SS. Achieving 
the melting point of vanadium (1910 °C) is predicted to require a much higher laser power of at 
least 1315 W. It is therefore recommended that the laser power of the pure vanadium steps be 
increased to above this value to ensure complete melting.  
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Table 4-6: Comparison of properties for alloys of interest in titanium to steel gradients. 
Property	 Ti-6Al-4V	 304L	SS	 Vanadium	

Liquidus	[°C]	 1660	 1454	 1910	
Solidus	[°C]	 1605	 1399	 1910	
Laser	absorptivity	(for	λ	 ≈ 1µm)	 0.3	 0.36	 ~0.45†	
Specific	heat	capacity	[J/g-°C]	 0.5263	 0.50	 0.49	
Thermal	conductivity		[W/m-K]	 6.7	 16.2	 30.7	
Density	[g/cm3]	 4.43	 8.03	 5.8	
Coefficient	of	thermal	expansion	
	[@	0-100°C;	µm/m-°C]	

8.6	 16.9	 8.4	
†	The	laser	absorptivity	for	vanadium	was	calculated	in	[265]	using	complex	refractive	index	values.	 

 
 
However, it remains necessary to determine what laser power to use for the intermediate 
composition steps. For this, it is useful to determine how the melting temperature varies with 
composition. Using Thermo-Calc, the liquidus and solidus temperatures along the composition 
gradient were calculated for a hypothetical component transitioning from 100% Ti-6Al-4V to 
100% vanadium to 100% 304L SS. Carrying out this calculation over such a wide composition 
range required the use of two different thermodynamic databases: an open source light alloys 
database, COST507 [246], for the transition between Ti-6AL-4V and vanadium, and the TCFe7 
database for vanadium to 304L SS. The results are plotted in Figure 4-28. Figure 4-28a considers 
a gradient of continuously varying weight percentages, while Figure 4-28b considers a step 
function gradient with 25% vol. composition steps, similar to Gradient A.  
 
The liquidus temperature clearly varies nonlinearly with composition. Of more interest, however, 
is the fact that the addition of 25% vol. vanadium actually decreases the liquidus temperature in 
either alloy. For example, the liquidus of 100% 304L SS is predicted to be 1471 °C, while the 
predicted liquidus of an intermediate alloy containing 25% vol. (19.4% wt.) vanadium with 304L 
SS is lower, 1456 °C. The troubling fact is trying to reconcile this with experimental observations 
of Component B. Based on the EDS maps in Figures 4-14 and 4-15, unmelted vanadium particles 
are appear readily between compositions of ~9% wt. and 17% wt. vanadium, and as low as 6% wt. 
The predicted liquidus at these compositions is lower than that of 304L SS, yet the laser power is 
still somehow insufficient for ensuring complete melting of the material.  
 
Unfortunately, there appears to be more factors at play than simply the melting temperature of the 
net alloy. This likely would not be the case if the intermediate compositions were deposited from 
“pre-alloyed” powder, meaning powder of homogeneous composition. Instead, the deposited 
powder is of course a mixture of particles of the two alloys, leading to areas of locally high and 
low melting point. Unless every single vanadium particle becomes consolidated in the melt pool, 
it remains as an area of high local melting point, and may not be fully melted. This could occur, 
for instance, if some of the powder particles impinge on the surface of the melt pool after it has  
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(a) 

 

 
(b) 

Figure 4-28: Plots of liquidus as a function of composition along a hypothetical gradient from Ti-
6Al-4V to vanadium to 304L SS, for the case of (a) continuously changing weight percentages, and 

(b) 25% by volume composition steps (similar to Gradient A).  
 
 
reduced to a lower temperature. Other causes may be unrelated to melting temperatures altogether, 
such as formation of an oxide layer on some of the vanadium particles, leading to reduced 
wettability. In any case, adjusting the laser power based simply on the net liquidus temperature of 
the mixture is not a sufficient optimization strategy. Ultimately, once the gradient composition 
path is finalized, further experiments will need to be conducted at intermediate compositions in 
order to determine whether it is even possible for heat input adjustments alone to eliminate these 
defects. In the meantime, it is proposed to gradually increase the laser power with vanadium 
content, in order to increase peak temperatures and promote melting, particle consolidation, and 
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melt pool mixing. Furthermore, only freshly fabricated and properly stored powders with minimal 
surface oxidation should be used.  
 
4.3.5   Proposed Design Modifications 
 
Based on the results of the prototype characterization and thermodynamic analysis of titanium to 
steel gradients, the following modifications are proposed: 
 

(1) Regardless of the choice of interlayer, it is necessary to perform a complete transition 
to this material to ensure that the titanium alloy and steel are fully isolated and brittle Fe-
Ti intermetallics do not form. This interlayer must be present in sufficient thickness 
(enough layers) to counteract the tendency for dilution to “spread” alloys through many 
layers up the build.  
 
(2) Smooth linear transitions between vanadium and steel cannot be accomplished due to 
brittle Fe-V-Cr σ-phase formation at intermediate compositions, as predicted by 
equilibrium phase calculations and confirmed with EBSD. For vanadium alone to be used 
as an interlayer, the only choice is for the composition path to be modified to include a 
discontinuous jump over the σ-phase field. Compositions between ~17% to 42% wt. (~22% 
to 50% vol.) vanadium should be avoided.  
 
(3) Process parameters must be adjusted with composition to ensure sufficient heat is 
available to promote powder consolidation, melting, and thorough mixing in the melt pool. 
As a start, the laser power should be increased to at least 1315 W in 100% vanadium layers, 
and increased with vanadium content through the gradient. Powders used should be freshly 
fabricated and properly stored to ensure minimal surface oxidation.   

 
(4) Since the intermetallic issues associated with grading vanadium and steel are 
substantial, it is also worthwhile to explore alternative candidates for interlayers. The most 
promising alternative option is to use a Ni-based interlayer. This can be done either alone 
or combined with a vanadium interlayer. Exploratory builds should be fabricated to explore 
these composition paths.  

 
4.4   Modified Gradients and Exploratory Builds 
 
The following gradient components were fabricated to incorporate the above modifications, as 
well as explore alternative interlayers for joining titanium and steel. Included are vanadium-based 
gradients (Section 4.4.1), 420 SS and vanadium-based gradients (Section 4.4.2), and nickel alloy-
based gradients (Section 4.4.3). As the reader will discover, cracking was again observed and the 
majority of the gradients were unsuccessful due to intermetallic formation. Characterization was 
performed only as needed to determine causes of cracking and guide future modifications. The 
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results are reported here to inform future studies and ensure that failed builds are not unnecessarily 
repeated.  
 
4.4.1   Vanadium-based Gradients 
 
This section discusses the manufacturing of three additional vanadium-based gradients. Gradient 
E was intended to transition from vanadium to 304L SS, whereas Gradients F and G consisted of 
complete transitions from Ti-6Al-4V to vanadium to 304L SS using the discontinuous composition 
paths proposed above. Process parameters for these gradients can be found in Table 4-7.  
 
The run log for Gradient E is given in Table 4-8, and a photograph and schematic of the component 
can be seen in Figure 4-29. This gradient was deposited to experimentally validate the upper 
composition threshold for σ-phase formation and help avoid this range in future gradients. Since 
the full transition between 304L SS and vanadium in Gradient B could not be completed due to 
severe cracking, vanadium contents above 36% vol. were not yet experimentally explored. 
Evaluating these compositions required a build deposited in the opposite direction, starting with 
vanadium and transitioning to 304L SS. The resulting Gradient E was deposited on a 0.25 in. 
(0.635 cm) thick pure vanadium substrate. The build was intended to begin with vanadium and 
transition in 3% vol. increments to 304L SS every 2 layers. To accommodate the higher melting 
temperature of vanadium, the initial laser power for the 100% vanadium layers was set at 1065 W. 
The laser power was then incrementally decreased in a linear fashion with each composition step 
towards increasing 304L SS content, as tabulated in the run log in Table 4-8. Although it is below 
the minimum laser power determined for depositing vanadium, 1065 W was chosen at the 
discretion of the manufacturing contractor (RPM Innovations) since it is the maximum laser power 
that can be accommodated while maintaining the constant hatch width of 0.030 in. (0.762 mm) 
and spot size of 0.055 in. (1.397 mm) that are suitable for lower laser powers. Any laser power 
above this level would require an increase in beam size and hatch width to counteract vaporization. 
The experiment was thus simplified in this case by holding these parameters constant and adjusting 
the laser power within an acceptable range.  
 
Based on thermodynamic predictions of σ-phase formation in Section 4.3.3, the gradient was 
expected to fail at ~42% wt. vanadium, or ~50% vol. As the vanadium content was decreased 
during deposition, cracking was first observed at 41% wt. vanadium, or 49% vol., and the build 
was subsequently discontinued after the 43% vol. vanadium layers were deposited. The 
approximate composition of failure is plotted on the ternary Fe-Cr-V diagram at 850°C in Figure 
4-30. Unsurprisingly, it corresponds closely to the upper composition bound of sigma phase 
formation along the gradient path. This result further validates the good agreement between 
equilibrium predictions and actual observations of sigma phase formation when considering the 
peak transformation temperature of 850 °C.  
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Table 4-7: Process parameters for vanadium-based Gradients E through G.  
 

Gradient	 Substrate	 Powders	
Layer	thickness	

(mm)	
Laser		

Power	(W)	
Hatch	width	

(mm)	
Spot	size	
(mm)	

Scan	speed	
(cm/min.)	

E	 Vanadium	
Vanadium	(1)	
304L	SS	(2)	

0.381	
varied	

(959–1065)	
0.762	 1.397	 76.2	

F	 Ti-6Al-4V	
Ti-6Al-4V	(2)	
Vanadium	(1)	
304L	SS	(2)	

0.381	
varied	

(699–2000)	
varied	

(0.762–1.778)	
varied	

(1.387–2.921)	 76.2	

G	 Ti-6Al-4V	
Ti-6Al-4V	(2)	
Vanadium	(1)	
304L	SS	(2)	

0.381	
varied	

(699–2000)	
varied	

(0.762–1.778)	
varied	

(1.387–2.921)	
76.2	

 
 
 

Table 4-8: Gradient E run log (Vanadium – 304L SS) 
 

Layer	 Vol.	%												
V	

Vol.	%							
304L	SS	

g/min.										
V	

g/min.							
304L	SS	

Laser	
Power	(W)	

0–1	 100	 0	 3.516	 0.000	 1065	
2–3		 97	 3	 3.411	 0.146	 1059	
4–5	 94	 6	 3.305	 0.291	 1054	
6–7	 91	 9	 3.200	 0.437	 1048	
8–9	 88	 12	 3.094	 0.582	 1043	

10–11	 85	 15	 2.989	 0.728	 1037	
12–13	 82	 18	 2.883	 0.873	 1031	
14–15	 79	 21	 2.778	 1.019	 1026	
16–17	 76	 24	 2.672	 1.164	 1020	
18–19	 73	 27	 2.567	 1.310	 1015	
20–21	 70	 30	 2.461	 1.455	 1009	
22–23	 67	 33	 2.356	 1.601	 1004	
24–25	 64	 36	 2.250	 1.746	 998	
26–27	 61	 39	 2.145	 1.892	 992	
28–29	 58	 42	 2.039	 2.037	 987	
30–31	 55	 45	 1.934	 2.183	 981	
32–33	 52	 48	 1.828	 2.328	 976	
34–35	 49	 51	 1.723	 2.474	 970	
36–37	 46	 54	 1.617	 2.619	 964	
38–39	 43	 57	 1.512	 2.765	 959	

Note:	the	process	was	halted	after	Layer	39	due	to	cracking	observed	in	the	build.	
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       (a)        (b) 

Figure 4-29: (a) Photograph and (b) schematic drawing of Gradient E. The base of the gradient 
measures 1.5in. × 0.5in. (3.81cm × 1.27cm).  

 
 

 
Figure 4-30: Ternary Fe-Cr-V phase diagram at 850°C marked with the composition at which  

Gradient E cracked during fabrication (~41% wt. V).  
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Run logs for Gradients F and G are given in Tables 4-9 and 4-10, respectively, and their 
corresponding photographs and schematic drawings can be found in Figures 4-31 and 4-32. Laser 
power, spot size, and hatch width, were increased with vanadium content in the builds according 
to the run logs. It is worth noting that these components were deposited with different powder 
batches than the original prototypes in Section 4.3. The 304L SS and Ti-6Al-4V powders had 
similar specifications, which can be found in Tables 3-4 and 3-5. However, due to limited 
availability, the vanadium powder had to be sourced from a different supplier and was produced 
with a different method. Rather than being spherical, the particle shapes were in fact highly 
irregular and angular, leading to less beneficial flowability and occasional clogging of the powder 
feed lines. A side by side comparison of the two vanadium powder types is shown in Figures 2-4c 
and 2-4d.  
 
Both Gradient F and Gradient G started with transitions from Ti-6Al-4V to vanadium in 25% vol. 
steps, with 10 layers each step, and then attempted discontinuous jumps over the σ-phase 
composition range with slight variations. For Gradient F, a jump was made from 75% vol. to 15% 
vol. vanadium, and for Gradient G, from 60% vol. to 5% vol. vanadium. In both cases, the builds 
were given 15 minutes to cool in between these composition steps in an attempt to reduce the 
extent of mixing between adjacent layers. Nonetheless, both builds exhibited severe cracking at 
the interface of these composition steps, and could not be completed. The cracking can again be 
attributed to the formation of σ-phase at the interface. This unfortunately demonstrates that one 
must be prepared to see any and all intermediate compositions along a gradient, and attempts to 
“jump” over problematic compositions will be either unsuccessful or unrepeatable.  
 
Vickers hardness data along Gradients F and G is given in Figure 4-33, along with the EDS-
measured composition profiles. For Gradient F, some of the final composition step deposited (15% 
vol. vanadium) remained intact, whereas for Gradient G, the corresponding section cracked off 
entirely. It is obvious that in both gradients, there is poor correlation between the nominal 
composition step function and the EDS-measured composition profile. Rather than discrete steps, 
there are areas of near-continuous changes in composition and hardness. This effect was likely 
amplified due to the higher heat inputs used in these gradients. Again, the results are consistent 
with the conclusions that at least 10 layers are necessary to ensure a complete transition from one 
composition to the next. Furthermore, there is noticeable disagreement between the nominal values 
at each step once the composition “levels out”. The EDS measured compositions differ from the 
nominal compositions at intermediate steps by as much as 5-6% wt. This far exceeds the typical 
error associated with EDS measurements, and suggests that there may be some discrepancies 
between the user-defined volume percentages and the actual observed percentages in the deposit. 
Whether this is due to imprecise powder flow rate control, or some secondary effect (e.g. selective 
solubility, or a greater percentage of one powder type impacts the melt pool due to its properties) 
will require further investigation. At any rate, 5-6% wt. should be taken as the approximate 
uncertainty when specifying intermediate compositions. Although this is not an issue for the 
transition between Ti-6Al-4V and vanadium, its consequences are apparent in the vanadium-steel 
layers. For instance, Gradient F was intended to transition directly from 75% to 15% vol. vanadium 
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(or ~68% to 11% wt.), however in reality the composition reaches intermediate values in the range 
of 20-30% wt. vanadium. The σ-phase is of course stable in this range, hence the observed 
cracking. As this composition was approached, the Vickers hardness values exceeded 1000 HV, 
and the indents induced cracks radiating from their corners.  
 
EDS mapping and point spectra from Gradient G, shown in Figure 4-34 also indicates that the area 
leading up to the cracked edge had compositions in the range of 30 – 40% wt. vanadium. Again, 
the cracking can be attributed to the local appearance of σ-phase at these intermediate compositions 
that the deposition aimed to avoid. Another troubling observation is that despite using over double 
the laser power, unmelted vanadium particles are still visible. A simple increase in energy input 
appears to have no effect on preventing vanadium powder inclusions. Further investigation will 
ultimately be needed to determine what process parameter adjustment, if any, can mitigate this 
issue.  
 
 

Table 4-9: Gradient F run log (Ti-6Al-4V – Vanadium – 304L SS) 
 

Layer	 Vol.	%		
Ti-6Al-4V	

Vol.	
%	V	

Vol.	%												
304L	SS	

g/min.	
Ti-6Al-4V	

g/min.										
V	

g/min.							
304L	SS	

Laser	
Power	(W)	

Hatch	width	
(mm)	

Spot	size	
(mm)	

0–29	 100	 0	 0	 2.686	 0.000	 0.000	 699	 0.762	 1.397	
30–39	 75	 25	 0	 2.014	 0.879	 0.000	 1113	 1.143	 1.778	
40–49	 50	 50	 0	 1.343	 1.758	 0.000	 1413	 1.397	 2.032	
50–59	 25	 75	 0	 0.671	 2.637	 0.000	 1708	 1.524	 2.413	
60–69	 0	 100	 0	 0.000	 3.516	 0.000	 2000	 1.778	 2.921	
70–79	 0	 75	 25	 0.000	 2.637	 1.213	 1708	 1.524	 2.313	
80–89	 0	 15	 85	 0.000	 0.527	 4.123	 699	 0.762	 1.397	

Note:	the	process	was	halted	after	Layer	82	due	to	cracking	observed	in	the	build.	
	
	

Table 4-10: Gradient G run log (Ti-6Al-4V – Vanadium – 304L SS) 
 

Layer	 Vol.	%		
Ti-6Al-4V	

Vol.	
%	V	

Vol.	%												
304L	SS	

g/min.	
Ti-6Al-4V	

g/min.										
V	

g/min.							
304L	SS	

Laser	
Power	(W)	

Hatch	width	
(mm)	

Spot	size	
(mm)	

0–29	 100	 0	 0	 2.686	 0.000	 0.000	 699	 0.762	 1.397	
30–39	 75	 25	 0	 2.014	 0.879	 0.000	 1113	 1.143	 1.778	
40–49	 50	 50	 0	 1.343	 1.758	 0.000	 1413	 1.397	 2.032	
50–59	 25	 75	 0	 0.671	 2.637	 0.000	 1708	 1.524	 2.413	
60–69	 0	 100	 0	 0.000	 3.516	 0.000	 2000	 1.778	 2.921	
70–79	 0	 60	 40	 0.000	 2.110	 1.940	 1413	 1.397	 2.032	
80–89	 0	 5	 95	 0.000	 0.175	 4.608	 699	 0.762	 1.397	

Note:	the	process	was	halted	after	Layer	83	due	to	cracking	observed	in	the	build.	
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                 (a)                      (b) 

Figure 4-31: (a) Photograph and (b) schematic drawing of Gradient F. The base of the gradient 
measures 1.5in. × 0.5in. (3.81cm × 1.27cm). 

 
 
 

   
      (a)              (b) 

Figure 4-32: (a) Photograph and (b) schematic drawing of Gradient G. The base of the gradient 
measures 1.5in. × 0.5in. (3.81cm × 1.27cm). 
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Figure 4-33: Composition (nominal and EDS-measured) and Vickers hardness along Gradients F and 
G. The dotted-line steps correspond to the intended composition profiles of Gradients F and G, and 

the solid lines correspond to the actual composition profiles as measured with EDS.  
 

 

 
Figure 4-34: EDS maps of V and Fe content leading up to the cracked edge of Gradient G.  
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4.4.2   420 SS and Vanadium-based Gradients 
 
Based on Gradients C and D, σ-phase formation between 420 SS and vanadium appeared much 
less prevalent than for 304L SS. However, a direct comparison could not be drawn since the 
prototype components involving 420 SS were deposited without any actual grading. It was 
therefore worthwhile for future studies to repeat these experiments using finer steps in composition 
space. Gradient H (Tables 4-11 and 4-12, Figures 3-34 and 3-35) was deposited on a mild steel 
substrate beginning with 420 SS and transitioning to vanadium in 10% vol. steps every 20 layers. 
In this case, severe cracking was observed within the 30% vol. (~24% wt.) vanadium layers, and 
the build had to be discontinued. This lies within the σ-phase composition range, leading to its 
formation and the associated cracking. The extent of cracking in this build suggests that the limited 
amount of σ-phase and cracking in Gradients C and D was simply the result of chance. In those 
gradients, the intermediate compositions corresponding to the σ-phase were not deliberately 
deposited, and happened to only appeared in limited quantities in the final part. Unfortunately the 
cracking in Gradient H shows that direct transitions between 420 SS and vanadium must also be 
avoided.  
 
 
 

Table 4-11: Process parameters for Gradient H. 
 

Gradient	 Substrate	 Powders	
Layer	thickness	

(mm)	
Laser		

Power	(W)	
Hatch	width	

(mm)	
Spot	size	(mm)	

Scan	speed	
(cm/min.)	

H	 mild	steel	
420	SS	

Vanadium	(2)	
0.381	

varied		
(800–1400)	

varied	
(0.762–1.397)	

varied		
(1.397–2.032)	

76.2	

 
 

Table 4-12: Gradient H run log (420 SS – Vanadium) 
 

Layer	 Vol.	%												
420	

Vol.	%							
304L	SS	

g/min.										
V	

g/min.							
304L	SS	

Laser	
Power	(W)	

Hatch	
width	(mm)	

Spot	size	
(mm)	

0–19	 100	 0	 0.000	 4.692	 800	 0.762	 1.397	
20–39		 90	 10	 0.352	 4.223	 860	 0.826	 1.461	
40–59	 80	 20	 0.703	 3.754	 920	 0.889	 1.524	
60–79	 70	 30	 1.055	 3.285	 980	 0.953	 1.588	

Note:	the	process	was	halted	after	Layer	79	due	to	cracking	observed	in	the	build.	
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Figure 4-35: Photograph of Gradient H builds. Two builds were simultaneously deposited with 

identical process parameters and circular bases measuring 1 in. (2.54 cm) in diameter. 
 
 

 
Figure 4-36: Schematic drawing of Gradient H. 
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4.4.3   Nickel Alloy-based Gradients 
 
The following gradients in Table 4-13 were deposited to explore the viability of Ni-based 
interlayers in the titanium to steel system. In Gradient I, a direct transition was attempted between 
Ti-6Al-4V and Inconel 625 as a first pass to determine whether titanium and nickel have any direct 
compatibility. The following gradients, J, K, and L, then involved the use of NiCr (80%Ni-20%Cr) 
and its compatibility with 304L SS and vanadium as a dual interlayer.  
 
Gradient I (Table 4-14, Figures 4-37 and 4-38) began with Ti-6Al-4V and attempted a transition 
to Inconel 625 (IN625) in steps of 25% vol., 10 layers per step. The build was discontinued at 75% 
vol. IN625 due to severe cracking and delamination that had occurred below. Examination of the 
build shows a significant amount of oxidation formed on its exterior, and an almost “melting” 
effect along the surface. Severe cracking also occurred throughout the build, particularly in the 
50% vol. IN625 layers. In Figure 4-39, the EDS-measured composition along the gradient is 
compared to the nominally deposited step function. Through the 50% and 75% vol. IN625 layers, 
the actual composition changes continuously rather than remaining constant throughout each step. 
It appears that the extent of mixing between adjacent layers increases as the build progresses, with 
dilution extending over 10 or more layers.  
 
Looking at the Ti-Ni binary phase diagram in Figure 4-40, the cause of this enhanced dilution is 
apparent. At intermediate compositions, titanium and nickel form a series of low-melting eutectics, 
with melting points as low as 941 °C (~30% wt. Ni with 70% wt. Ti). Since the process parameters 
were held constant throughout the build, it is likely that the heat input was too high in these regions, 
leading to excessive dilution and melting. The plot of Vickers hardness in Figure 4-39 also gives 
indications about phase formation along the gradient. At greater IN625 contents, the hardness 
increases to between 600 and 900 HV, indicating the presence of hard Ti-Ni intermetallic phases 
such as those predicted in the binary diagram. EDS mapping in the vicinity of these cracks (Figure 
4-41), did not reveal the direct cause. However, there is evidence of dendritic microsegregation, 
with dendrites rich in Cr and Mo, and interdendritic regions rich in Ni. Overall, characterization 
results for this gradient reflect the findings of previous studies [10, 206], that titanium and nickel 
alloys are incompatible for direct gradients.  
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Table 4-13 Process parameters for nickel alloy-based Gradients I through L. 
 

Gradient	 Substrate	 Powders	
Layer	thickness	

(mm)	
Laser		

Power	(W)	
Hatch	width	

(mm)	
Spot	size	(mm)	

Scan	speed	
(cm/min.)	

I	 Ti-6Al-4V	
Ti-6Al-4V	(2)	
Inconel	625	

0.381	 699	 0.762	 1.397	 76.2	

J	 mild	steel	
304L	SS	(3)	

NiCr	
0.381	 800	 0.762	 1.397	 76.2	

K	 Inconel	625	
NiCr	

Vanadium	(2)	
0.381	

varies	
(800–1400)	

varies	
(0.762–1.397)	

varies	
(1.397–2.032)	

76.2	

L	 Ti-6Al-4V	

Ti-6Al-4V	(2)	
Vanadium	(2)	

NiCr	
304L	SS	(3)	

0.381	
varies	

(800–1400)	
varies	

(0.762–1.397)	
varies	

(1.397–2.032)	
76.2	

 
 

Table 4-14: Gradient I run log (Ti-6Al-4V – Inconel 625) 
 

Layer	 Vol.	%								
Ti-6Al-4V	

Vol.	%										
IN625	

g/min.										
Ti-6Al-4V	

g/min.		
IN625	

0–9	 100	 0	 2.686	 0.000	
10–19	 75	 25	 2.014	 1.279	
20–29	 50	 50	 1.343	 2.558	
30-39	 75	 25	 0.671	 3.838	

Note:	the	process	was	halted	after	Layer	35	due	to	cracking	observed	in	the	build.	
 
 

 
        (a)          (b) 
Figure 4-37: Photographs of Gradient I (a) still attached to the base plate, and (b) mounted in epoxy 
and polished in cross section. The base of the gradient measures 1.5in. × 0.5in. (3.81cm × 1.27cm). 
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Figure 4-38: Schematic drawing of Gradient I.  

 
 

 
Figure 4-39: Vickers hardness data and comparison of EDS-measured composition with nominal 

deposited composition along Gradient I.  
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Figure 4-40: Equilibrium Ti-Ni binary phase diagram, generated with Thermo-Calc using the TCBIN 

database.  
 

 

 
Figure 4-41: EDS mapping of Gradient I near cracking in 50% vol. IN625 layers, showing dendritic 

microsegregation.  
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The incompatibility of titanium with nickel directly does not preclude its use as a dual interlayer 
with vanadium. Since vanadium has already proven compatible with Ti-6Al-4V, the goal is to 
determine whether introducing a second interlayer, such as NiCr, can enable the transition from 
the vanadium to stainless steel. To test this, Gradient J was deposited transitioning from 304L SS 
to NiCr (Table 4-15, Figure 4-42), and Gradient K (Table 4-16, Figure 4-43) was deposited from 
NiCr to vanadium, both in 10% vol. steps. As expected from the general compatibility of iron and 
nickel, the gradient between 304L SS and NiCr was completed with no evidence of cracking. 
However, the gradient joining NiCr and vanadium showed a significant amount of cracking 
between the 50% and 70% vol. NiCr layers. As the build was continued, the cracks extended 
upwards and the material plumed out progressively more, eventually separating altogether. Finally, 
the complete gradient was also attempted, transitioning from Ti-6Al-4V to vanadium to NiCr to 
304L SS. No grading was performed between the vanadium and NiCr in an attempt to reduce the 
interaction region. The gradient was able to be completed, however cracking still occurred at the 
interface between the vanadium and NiCr. 
 
Despite reported compatibility between nickel and vanadium interlayers when using other joining 
methods [266], it appears that this combination is also victim to intermetallic formation. The Ni-
V binary diagram in Figure 4-44 shows that a number of intermetallics are possible, including 
Ni3V, Ni2V, and NiV3. But most notably is the presence of yet another σ-phase, which in this 
system forms at high temperatures directly from the liquid. The composition range of the cracking 
coincides well with the sigma phase stability range, making it the likely cause of failure. 
Unfortunately, the failure of these builds eliminates the option of making simple linear transitions 
to Ni-based interlayers, whether alone or combined with vanadium.  
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Table 4-15: Gradient J run log (304L SS – NiCr) 
 

Layer	 Vol.	%								
304L	SS	

Vol.	%										
NiCr	

g/min.	
304L	SS	

g/min.		
NiCr	

0–19	 100	 0	 4.759	 0.000	
20–39	 90	 10	 4.283	 0.519	
40–59	 80	 20	 3.807	 1.038	
60–79	 70	 30	 3.331	 1.558	
80–99	 60	 40	 2.855	 2.077	

100–119	 50	 50	 2.380	 2.596	
120–139	 40	 60	 1.904	 3.115	
140–159	 30	 70	 1.428	 3.635	
160–179	 20	 80	 0.952	 4.154	
180–199	 10	 90	 0.476	 4.673	
200–219	 0	 100	 0.000	 5.192	

 
 
 

 
        (a)        (b) 

Figure 4-42: (a) Photograph and (b) schematic drawing of Gradient J. Two builds were 
simultaneously deposited with circular bases measuring 1 in. (2.54 cm) in diameter. 
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Table 4-16: Gradient K run log (NiCr – Vanadium) 
 

Layer	 Vol.	%								
NiCr	

Vol.	%										
V	

g/min.										
NiCr	

g/min.		
V	

Laser		
Power	(W)	

Hatch	
width	(mm)	

Spot	size	
(mm)	

0–9	 100	 0	 5.192	 0.000	 800	 0.762	 1.397	
10–19	 90	 10	 4.673	 0.352	 860	 0.826	 1.461	
20–29	 80	 20	 4.154	 0.703	 920	 0.889	 1.524	
30–39	 70	 30	 3.635	 1.055	 980	 0.953	 1.588	
40–49	 60	 40	 3.115	 1.407	 1040	 1.016	 1.651	
50–59	 50	 50	 2.596	 1.758	 1100	 1.080	 1.715	
60–69	 40	 60	 2.077	 2.110	 1160	 1.143	 1.778	
70–79	 30	 70	 1.558	 2.461	 1220	 1.207	 1.842	
80–89	 20	 80	 1.038	 2.813	 1280	 1.270	 1.905	
90–99	 10	 90	 0.519	 3.165	 1340	 1.334	 1.969	

100–109	 0	 100	 0.000	 3.516	 1400	 1.397	 2.032	
 
 
 

 
          (a)              (b) 

Figure 4-43: (a) Photograph and (b) schematic drawing of Gradient K. The base of the gradient is a 
circle measuring 1 in. (2.54 cm) in diameter. 
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Table 4-17: Gradient L run log (Ti-6Al-4V – Vanadium – NiCr – 304L SS) 
 

Layer	 Vol.	%		
Ti-6Al-4V	

Vol.	%	
V	

Vol.	%	
NiCr	

Vol.	%	
304L	SS	

g/min.			
Ti-6Al-4V	

g/min.	
V	

g/min.		
NiCr	

g/min.		
304L	SS	

Laser		
Power	
(W)	

Hatch	
width	
(mm)	

Spot	
size	
(mm)	

0–19	 100	 0	 0	 0	 2.686	 0.000	 0.000	 0.000	 800	 0.762	 1.397	
20–29	 90	 10	 0	 0	 2.417	 0.352	 0.000	 0.000	 860	 0.826	 1.461	
30–39	 80	 20	 0	 0	 2.149	 0.703	 0.000	 0.000	 920	 0.889	 1.524	
40–49	 70	 30	 0	 0	 1.880	 1.055	 0.000	 0.000	 980	 0.953	 1.588	
50–59	 60	 40	 0	 0	 1.611	 1.407	 0.000	 0.000	 1040	 1.016	 1.651	
60–69	 50	 50	 0	 0	 1.343	 1.758	 0.000	 0.000	 1100	 1.080	 1.715	
70–79	 40	 60	 0	 0	 1.074	 2.110	 0.000	 0.000	 1160	 1.143	 1.778	
80–89	 30	 70	 0	 0	 0.806	 2.461	 0.000	 0.000	 1220	 1.207	 1.842	
90–99	 20	 80	 0	 0	 0.537	 2.813	 0.000	 0.000	 1280	 1.270	 1.905	

100–109	 10	 90	 0	 0	 0.269	 3.165	 0.000	 0.000	 1340	 1.334	 1.969	
110–139	 0	 100	 0	 0	 0.000	 3.516	 0.000	 0.000	 1400	 1.397	 2.032	
140–144	 0	 0	 100	 0	 0.000	 0.000	 5.192	 0.000	 600	 0.762	 1.397	
145–164	 0	 0	 0	 100	 0.000	 0.000	 0.000	 4.759	 800	 0.762	 1.397	

 
 

 
          (a)      (b) 

Figure 4-44: (a) Photograph and (b) schematic drawing of Gradient L. The base of the gradient is a 
circle measuring 1 in. (2.54 cm) in diameter. 
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Figure 4-45: Equilibrium Ni-V binary phase diagram, generated with Thermo-Calc using the TCBIN 

database.  
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4.5   Optimization of Gradient Path using Thermodynamic  
Modeling 

 
The experiments conducted thus far lead to a common conclusion, that any linear transition 
between titanium and stainless steel cannot escape brittle intermetallic formation. Even when the 
most promising interlayer candidates are used, the extent of melting that occurs during laser 
deposition ensures that unwanted intermediate compositions and phases are likely to appear along 
the gradient. With all simple solutions ruled out experimentally, it is necessary to return to the 
thermodynamic modeling and further optimize the gradient path. In this section, a more creative 
approach is used to identify an improved composition path between Ti-6Al-4V and 304L SS. 
Rather than simply using nickel and/or vanadium as pure interlayers, the two elements are 
introduced nonlinearly in varying quantities, thus allowing more degrees of freedom for 
circumventing problematic phases in composition space. This reveals a potential gradient path that 
traverses ductile solid solutions only. The path is then modeled with Thermo-Calc and predicted 
to be free from σ-phases and other intermetallics.  
 
The alternative path was conceived of as follows. First, a transition is made from Ti-6Al-4V to 
pure vanadium, to eliminate any chance of titanium reacting with the other elements. Completing 
the transition to 304L stainless steel is then simply a matter of avoiding the stability region of 
various σ-phases. Based on literature descriptions of the well documented σ-FeCr phase, it was 
noted that its precipitation rate is 100 times higher in ferrite than in austenite. This means that if a 
transition to austenite is achieved along the gradient before the σ-phase becomes stable, its 
formation is unlikely. A possible means for achieving this can be visualized with the use of the 
ternary phase diagrams shown in Figure 4-46. The path outlined begins at pure vanadium 
(Composition “I”), and first approaches the σ-phase through the addition of Fe and Cr, being 
careful not to enter its stability range above 650 °C (“II”). At this point, the vanadium can be 
effectively replaced with an austenite stabilizer, Ni, such that the composition of a known 
austenitic Fe-Ni-Cr alloy (“III”) is reached. From here, a direct transition to 304L SS (“IV”) can 
be made, remaining of course in the austenite phase. Between compositions I and II, the material 
is predicted to be in the BCC phase. From compositions III to IV, predominantly FCC austenite is 
expected. Thus, the only thing that remains is to determine whether the transition between 
compositions II and III is susceptible to σ-phase formation. Of course, this transition occurs in the 
bounds of a quaternary system (Fe-Cr-V-Ni), and thus cannot be visualized with a ternary diagram.  
 
The proposed composition path described above is outlined in Table 4-18 and depicted visually in 
Figure 4-47. By reducing the arguably “nonlinear” composition path to a series of discrete steps, 
it is possible to carry it out on a laser deposition system with only two powder feeders, provided 
that the element powders are pre-mixed in advance for each step. It is worth noting that 
composition III corresponds roughly to that of a commercial alloy, known as Alloy 33 or Nicrofer 
3033. This alloy is characterized by good metallurgical stability in the austenite phase, and  
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Figure 4-46: Proposed composition steps between vanadium and 304L SS, plotted on the 

corresponding ternary diagrams.  
 
 
favorable mechanical, corrosion, and weldability properties. Thus it represents a favorable 
intermediate alloy for use in this gradient that will not deter from the overall properties.  
 
Using Thermo-Calc, the entire gradient path from vanadium to 304L SS was modeled with the 
TCFe7 database. The predicted equilibrium phase fractions, as well as the driving force for σ-
phase formation, are plotted along the composition gradient in Figure 4-47. The calculations were 
performed at 850 °C (the peak transformation temperature for the σ-phase), as well as 650 °C, the 
temperature below which the kinetics are too slow for σ-phase precipitation. For the transition 
from vanadium to intermediate composition II, the stable phase is BCC alone, with the driving 
force for the σ-phase remaining negative. Continuing along the gradient, the phase transitions from 
BCC to mostly FCC between compositions II and III, again with no evidence of σ-phase stability 
and a driving force remaining below zero. Finally, in the transition from III to IV, the BCC phase 
is completely phased out in favor of the FCC phase. Of course, there is some stability of the σ-
phase in this range as well, however its formation is unlikely. At this point, the σ-phase would 
consist of Fe and Cr only, and to form, it would have to precipitate directly from austenite at much 
slower transformation rates. In addition, the driving force for its formation remains very low. 
 
Based on these calculations, it can be concluded that this gradient path is likely to be free of σ-
phase formation and other intermetallics. The next step, to fabricate such a gradient experimentally 
with laser deposition, will be the subject of future work.  
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Table 4-18: Element weight percentages at each composition step along the proposed gradient path. 
 

Composition	Step	 V	 Fe	 Cr	 Ni	
I 100	 0	 0	 0	
II 45	 22	 33	 0	
III 0	 39	 30	 31	
IV 0	 72	 18	 10	

 
 

 
Figure 4-47: Equilibrium phase fractions and driving force for σ-phase formation along the proposed 

gradient, calculated with Thermo-Calc using the TCFe database, at 650 °C and 850 °C. 
 
 
4.6   Conclusions 
 
This chapter detailed the iterative development of laser deposited gradients transitioning from a 
titanium alloy to stainless steel. Since direct joining of the two alloys is compromised by brittle 
Fe-Ti intermetallics, the problem was initially approached by introducing various interlayer 
materials such as vanadium and NiCr, following recommendations from welding. Prototype 
gradients were fabricated and characterized, ultimately demonstrating that no single interlayer 
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material (or combination thereof) exists that can both prevent intermetallic formation and be easily 
processed with laser deposition. The most common cause of failure was cracking at intermediate 
compositions due to the formation of a brittle σ-phase, a result supported by thermodynamic 
modeling. Ultimately, the good agreement between experimental and modeling results allowed for 
a novel nonlinear gradient path to be defined such that the σ-phase and other intermetallics can be 
strategically avoided. Conclusions drawn throughout the development process can be summarized 
as follows:   
 

1. Despite welding recommendations, vanadium was found to be highly incompatible with 
steel due to the formation of a hard, brittle Fe-Cr-V σ-phase stable over a wide composition 
and temperature range. Even small amounts of σ-phase were sufficient to cause severe 
cracking during deposition, making vanadium unsuitable as a standalone interlayer 
material. The composition thresholds for the σ-phase formation proved highly predictable 
based on modeling of the Fe-Cr-V ternary system in Thermo-Calc. 

2. Ni-based interlayers were also found to be incompatible with both Ti-6Al-4V and 
vanadium, resulting in brittle intermetallic formation and cracking.  

3. Dilution was observed to cause significant deviations from the intended composition 
profile in laser deposited gradients. In practice, alloying elements appeared 7-10 layers 
beyond that which they ceased being added, depending on the process parameters and 
resulting heat input. As a consequence, one cannot rely on avoiding or “stepping over” 
intermediate composition ranges. A successful gradient path must be free of intermetallics 
in its entirety, not just at a finite set of steps. Furthermore, interlayers must be present in 
sufficient thickness (>10 layers) to ensure that there will not be any mixing between the 
two materials being separated.  

4. Simultaneous deposition of powders with widely varying thermal properties and densities 
resulted in melt pool segregation and promoted unmelted powder inclusions. Although this 
can be partially mitigated with composition-dependent adjustment of process parameters, 
it appears that even substantial increases in heat input cannot fully eliminate these issues. 
The more general implication is that it is much more difficult to obtain a uniform 
composition when attempting in situ alloying than it is for simply depositing homogeneous 
pre-alloyed powder.  

5. It was ultimately concluded that a nonlinear composition path is the only means of avoiding 
intermetallic formation between titanium and steel. A path between vanadium and 304L 
SS was defined within the Fe-Cr-V-Ni quaternary system such that the σ-phase stability 
range was avoided. The phase composition along the gradient path was confirmed to 
consist of ductile solid solutions only, based on Thermo-Calc equilibrium calculations. The 
driving force for σ-phase also remained negative or very low throughout the gradient.  

 
With the advances made here, the outlook is positive for continued development of titanium to 
steel laser deposited gradients. Future efforts should be directed towards continuing the iterative 
development process, through experimental demonstration and further refinement of the proposed 
nonlinear composition path. More generally, this work has highlighted that such development 
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would benefit massively from the introduction of tools for visualizing phase equilibria in higher 
order systems. This would allow for a more streamlined approach to predicting viable gradient 
paths, rather than the indirect method of visualization that is currently necessary.  
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Chapter 5 
 

Development of Maraging Steel to Austenitic 
Stainless Steel Gradients 
 
5.1   Introduction 
 
This chapter explores a case study in fabricating graded joints between two dissimilar ferrous 
alloys, C300 maraging steel and 316L stainless steel. Like 304 SS, 316 is a longstanding workhorse 
alloy for structural applications, offering high strength and creep resistance at elevated 
temperatures, and good toughness at cryogenic temperatures due to its austenitic structure. The 
lesser known maraging steel refers to a class of low-carbon martensitic alloys capable of reaching 
ultrahigh strengths through precipitation hardening. C300, in particular, is a cobalt-containing 
grade that finds use in applications demanding good machinability and wear resistance, including 
gears and shafts, molds, turbine blades, and even aircraft landing gears.  
 
The application that originally motivated this gradient can be traced back to an issue of magnetic 
interference aboard the Jet Propulsion Laboratory’s Mars rover, Curiosity. The use of C300 
maraging steel in the rover’s actuator shafts was identified to be the cause of imprecise encoder 
readings. Maraging steel, being ferromagnetic, had induced phantom encoder pulses as a result of 
magnetic interference. With no other alloys offering comparable strength and wear resistance, 
abandoning the use of maraging steel in this case is not an option. A more favorable approach is 
to fabricate compositionally graded shafts that transition to a nonmagnetic steel, such as 316 SS, 
in the vicinity of the encoder. Of course, the need for a bulk, complex geometry part containing a 
composition gradient exceeds the capabilities of existing joining techniques and can only be 
accomplished with additive manufacturing.  
 
While creating a successful joint between two alloys is not an acute issue of brittle intermetallic 
formation, it is by no means a trivial exercise. C300 and 316L SS have non-overlapping crystal 
structures, alloying elements, strengthening mechanisms, thermal expansion coefficients, 
mechanical properties, heat treatment requirements, and magnetic properties. Both have narrow 
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and highly optimized composition ranges, and the intermediate compositions that lie between them 
have never been reported on experimentally. To complicate matters, the precise strengthening 
mechanisms and fine-scale precipitates of maraging steel alone are difficult to observe and remain 
poorly understood. The task at hand is thus to fully understand the evolution of microstructure and 
mechanical properties along the graded joint, such that it can ultimately be considered for 
qualification.  
 
This process begins in Section 5.2 with a detailed consideration of the metallurgical challenges at 
hand. The fabrication of prototype gradients with laser deposition is discussed in Section 5.3, 
followed by heat treatment procedures and characterization results. Grain morphology, phase 
distribution, and Vickers hardness are mapped as a function of composition along the gradients, 
revealing changes in microstructure and properties at precise composition thresholds. Also 
reported on are the solidification substructure and solute redistribution observed along the 
gradients, which were found to play a significant role in microstructural morphology. Finally, 
process-related defects of solidification cracking and gas porosity are investigated. The results are 
then considered alongside the predictions of CALPHAD thermodynamic modeling in Section 5.4.  
 
 
5.2   Challenges 
 
A complete comparison of properties between C300 maraging steel and 316L stainless steel is 
given in Table 5-1. Those properties that influence laser deposition “printability” and choice of 
process parameters, such as melting temperature and range, thermal conductivity, density, and 
laser absorptivity, are similar between the two alloys, indicating that composition dependent 
adjustments are unlikely to be necessary. In terms of alloy compatibility and the gradient design, 
the differences are also largely manageable. Literature on dissimilar welding of maraging steel 
with other ferrous alloys suggests no evidence of chemical incompatibility or intermetallic 
formation [179]. With both alloys having very low percentages of carbon and other impurities, 
migration of species is also unlikely to present an issue like it would for ferritic-austenitic joints. 
However, thermal and residual stresses are of some concern due to the thermal expansion 
coefficient of 316L SS being almost double that of C300 (316L SS: 8.64 µm/m-°C; C300: 16.0 
µm/m-°C, 0 – 100°C). Minimization of these stresses calls for smooth grading accomplished over 
many steps in composition space. The length of the joint and precise number of composition steps 
needed will of course depend upon the anticipated service temperature and thermal cycling, and 
should ultimately be calculated with the methods outlined in Section 2.3.1 for the final full-scale 
gradient component. For the purposes of this study, it is beneficial to deposit the prototype 
gradients within a limited length to simplify their characterization.   
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Table 5-1: Comparison of alloy properties.  
 

Property	 C300	Maraging	Steel	 316L	Stainless	Steel	

Crystal	structure	
BCC	Fe-Ni	martensite	+	

nanometer-scale	precipitates	
(Ni3Mo	&	Ni3Ti)	

FCC	austenite	

Major	alloying	elements	 Ni,	Co,	Mo,	Ti	 Cr,	Ni,	Mo,	Mn	
Carbon	content	[wt.%]	 <	0.03	 <	0.03	
Coefficient	of	thermal	expansion	
			[@	0-100°C;	µm/m-°C]	

8.64	 16.0	

Specific	heat	capacity	[J/g-°C]	 0.335	 0.500	
Thermal	conductivity		[W/m-K]	 19.6	 16.2	

Yield	strength	[MPa]	
827	(annealed)	
1930	(aged)	 290	

Tensile	strength	[MPa]	 1030	(annealed)	
2000	(aged)		

558	

Magnetism	 Ferromagnetic	
Paramagnetic	
(Nonmagnetic)	

Standard	heat	treatments	
Annealing:	815	°C,	1h	
Aging:	482	°C,	3-10h	 Annealing:	1040	–	1175	°C	

Strengthening	mechanism	 Age-hardening	precipitation	 Cold	working	
Liquidus	[°C]	 1454	 1440	
Solidus	[°C]	 1427	 1390	
Density	[g/cm3]	 8.00	 7.99	

 
 
The remaining differences of interest between maraging steel and austenitic stainless steel are 
issues of physical metallurgy. Comparing their compositions in Table 5-2, a gradient transitioning 
from C300 to 316L SS will effectively involve swapping the cobalt and nearly half of the nickel 
in the maraging steel with chromium. Minor alloying element percentages will also undergo 
changes. The resulting microstructure will evolve from martensite to austenite at some point along 
the gradient, as will the associated mechanical properties. The way in which this transition will 
occur, and the morphology and properties at the intermediate composition steps, has not been 
reported on, nor is it simple to predict given the prevalence of diffusionless transformations and 
metastable phases in steels. In order to begin understanding the microstructural evolution, it is 
necessary to first consider the physical metallurgy of each individual alloy, as well as their 
response to laser deposition processing.  
 
316L SS is a grade of austenitic stainless steel distinguished by its addition of 2-3% molybdenum 
for enhancing resistance to general and pitting corrosion. The alloy also has better elevated 
temperature properties such as creep and tensile strength than its counterparts, as well as a low 
carbon level to improve its resistance to intergranular corrosion. 316L SS is nominally in the  
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Table 5-2: Composition of C300 and 316L SS based on various measurements. 
 

	 Nominal	alloy	
compositions	 	

Powder		
specifications	 	

EDS-measured	laser	
deposited	alloys	

	 C300	 316L	SS	 	 C300	 316L	SS	 	 C300	 316L	SS	
Fe	 bal.	 bal.	 	 bal.	 bal.	 	 66.6	 68.5	
Cr	 0.5	max	 16.0–18.0	 	 0.02	 16.3	 	 –	 17.0	
Ni	 18.0–19.0	 10.0–14.0	 	 18.0	 10.3	 	 17.4	 9.8	
Mo	 4.6–5.2	 2.0–3.0	 	 4.7	 2.09	 	 4.9	 2.1	
Co	 8.5–9.5	 –	 	 9.3	 –	 	 9.6	 –	
Mn	 0.1	max	 2.0	max	 	 0.02	 1.31	 	 –	 1.3	
Ti	 0.5–0.8	 –	 	 1.1	 –	 	 1.2	 –	
Si	 0.1	max	 0.75	max	 	 0.02	 0.49	 	 –	 0.5	
S	 0.01	max	 0.03	max	 	 0.01	 0.006	 	 –	 –	
P	 0.01	max	 0.045	max	 	 <0.01	 0.026	 	 –	 –	
C	 0.03	max	 0.03	max	 	 0.02	 0.026	 	 –	 –	
O	 –	 –	 	 0.02	 –	 	 –	 –	
N	 –	 0.10	max	 	 <0.01	 –	 	 –	 –	

 
 
austenite phase, however its mode of solidification, percentage of ferrite, and susceptibility to 
solidification cracking are all dependent on both the precise composition and cooling rates it 
experiences [267]. At high cooling rates, such as those encountered in laser welding, the 
solidification mode can shift to fully austenitic (as opposed to a mixed austenitic-ferritic). In this 
case, the ferrite percentage reduces to zero, leaving the alloy susceptible to solidification cracking 
[217, 268]. Competing with this phenomenon is the development of a fine-scale cellular or 
dendritic solidification structure in which ferrite-stabilizing elements segregate to intercellular 
regions. Depending on the process parameters used and the corresponding thermal history, laser 
deposited 316 SS can thus display a range of different ferrite percentages, up to 8% [94, 96, 269]. 
Although the presence of ferrite is useful for preventing solidification cracking, it also reduces low 
temperature ductility and promotes sigma phase formation at high temperatures. A ferrite content 
of less than 5% is desirable in 316 SS to limit these effects [270]. 
 
Following laser deposition, 316L SS is rarely subjected to post processing for microstructural 
purposes, since it is not considered heat treatable and will not experience further improvements in 
strength or elongation. Higher strengths are only achievable with cold working, which of course 
cannot be applied to net shaped parts. Fortunately, the as-deposited alloy exhibits higher yield and 
ultimate tensile strengths than the conventionally processed alloy due to refined grain features, 
with only slight reductions in elongation [271]. More detailed comparisons of microstructure and 
properties between additively and conventionally manufactured austenitic stainless steels such as 
316 can be found in [271].  
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Compared to austenitic stainless steel, the physical metallurgy of maraging steel is much more 
complex. The name of the alloy is a portmanteau of “martensite” and “aging” due to its propensity 
to form a soft martensite that can be subsequently age hardened through heat treatment. This allows 
maraging steel in its annealed state to be machined and formed with ease, and then aged after the 
fact to achieve its maximum hardness with minimal dimensional change. The alloy initially 
solidifies in the austenite phase, and upon further cooling, transforms to an iron-nickel lath 
martensite with dense tangles of dislocations. Unlike iron-carbon martensite, the iron-nickel type 
has a BCC structure with no tetragonal distortion, remains relatively soft and tough, and forms 
independently of cooling rate. Aging the alloy at 482 °C for 3-10 hours then causes a dispersion 
of fine nanometer-scale precipitates to form, increasing the strength of the alloy to ultrahigh levels. 
C300, in particular, can reach a yield strength of 300 ksi after aging. The high dislocation density 
of the martensite plays an important role by providing numerous nucleation sites for the 
supersaturated alloying elements to form precipitates.  
 
C300 is one of several grades of 18% Ni maraging steel, additionally alloyed with 8.5-9.5% Co, 
4.6-5.2% Mo, 0.5-0.8% Ti, and minimal amounts of other elements and impurities. The carbon 
content is maintained below 0.03% for optimum strength and toughness. Due to experimental 
limitations, the precise chemistry and morphology of the alloy’s age hardening precipitates 
continues to be a subject of controversy [272, 273]. Possible contenders include Ni3Mo, Ni3Ti, 𝜇-
Fe7Mo6, Fe2Mo Laves, and 𝜎-FeMo. Interestingly, the cobalt in the alloy does not form precipitates 
directly, but rather indirectly promotes their formation by enhancing short range ordering and 
reducing the solubility of Mo in the matrix [274]. Identifying these precipitates, which are on the 
order of a few nanometers, pushes the spatial resolution of TEM, particularly with the magnetic 
effects that occur when attempting to image martensite. It is also reported that the various 
precipitates are difficult to distinguish due to their similar interplanar distances and distinct 
orientation relationships with the matrix [273]. Atom Probe Tomography (APT), despite offering 
atom-by-atom resolution, requires that crystallographic structure be indirectly inferred, which 
limits the precise identification of precipitates. Of the available studies on this topic, the most 
conclusive to date was published by Moshka et al. in 2015 [273]. Based on both TEM and STEM-
based EDS chemical analysis, the authors make the unambiguous claim that Ni3Mo and Ni3Ti 
precipitates are responsible for the majority of the age hardening, with Fe-Mo phases only forming 
afterwards when the alloy has been over-aged. As aging progresses beyond the optimal amount, 
the Ni3Mo, which is metastable, dissolves and gives way to the formation of incoherent Fe-Mo 
precipitates. The authors also note that equilibrium thermodynamic calculations are consistent with 
the over-aged state of the alloy, but do not reflect the phase composition that results from early or 
optimal aging. 
 
If subjected to an undesirable thermal history, maraging steel can be prone to two detrimental 
effects: austenite reversion and overaging. A key requirement for successful age hardening of 
martensitic steels is that the aging can be accomplished significantly below the austenization 
temperature of the alloy. Were this not the case, prolonged heating at elevated temperatures would 
cause the martensite to undergo reversion to austenite, which cannot be further hardened through 
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heat treatment. For maraging steels such as C300, there is a significant temperature difference 
between the martensite start temperature, Ms (~155°C), and the austenization temperature, As 
(~620 °C), and aging can be safely conducted at ~480 °C [275]. However, aging at this temperature 
can be problematic if local composition variations create areas where the austenization temperature 
is significantly lower. In this case, aging will cause local areas of reverted austenite to form. 
Austenite reversion due to compositional inhomogeneity is a documented issue encountered when 
welding maraging steels [179]. During rapid solidification of the weld metal, alloying elements 
such as Mo and Ti segregate to intercellular regions, lowering the local austenite reversion 
temperature. Although these elements are generally regarded as ferrite stabilizers, in this case they 
act to stabilize austenite by lowering the martensite start temperature. Aging the alloy thus induces 
the formation of austenite in these regions, causing softening and an overall reduction in toughness. 
Given the similarities between welding and additive manufacturing thermal histories, it is likely 
that laser deposited maraging steel will also be prone to this effect.  
 
Overaging, or prolonged exposure at elevated temperatures, can also be detrimental to the 
mechanical properties of the alloy. Optimal aging temperatures are chosen such that peak 
hardening of the alloy is reached within a few hours, and remains stable thereafter. Temperatures 
below this age the material too slowly, while higher temperatures put the alloy at risk for 
overaging, in which precipitates coarsen and become incoherent, thus reducing their hardening 
ability. For C300 maraging steel, it is necessary to avoid prolonged exposure at temperatures over 
510 °C during processing, except when annealing. In addition to the above effects, it is also 
reported that maraging steels can be embrittled by the formation of Ti(C,N) or TiN and Ti2S in 
grain boundaries during solidification [276, 277]. Since titanium is highly reactive, impurity 
contents must be kept low to prevent these inclusions from forming.  
 
Studies on additive manufacturing of maraging steel are limited, and mostly confined to selective 
laser melting [133, 278, 279]. However, Jägle et al. [132] recently published detailed 
microstructural characterization results for laser deposited C300 maraging steel in comparison 
with the conventional alloy, including experimental measurements of the precipitates before and 
after aging using APT. The authors found that the laser deposited alloy solidified in the form of 
large austenite grains, ~1 mm in diameter, that extend across laser boundaries. Within these grains, 
microsegregation of Ti, Mo, and Ni to interdendritic regions caused retained austenite, which then 
doubled in quantity after aging due to reversion. The retained austenite appeared in interdendritic 
regions, but was not distributed homogeneously, appearing in larger fractions closer to the melt 
pool boundaries. In the conventional alloy, by contrast, no austenite was detected before or after 
aging. A consequence of the retained austenite in the laser deposited alloy is that it spatially 
confines the formation of martensite blocks, leading to an overall finer martensitic structure than 
observed in the conventional alloy. However, given the large austenite grains from which they 
form, neighboring martensite blocks share the same orientation over much larger distances. 
Another major finding was that the hardness of the as-deposited alloy was higher than the 
conventionally annealed alloy (~375 HV vs. 310 HV). Based on APT, the hardening was attributed 
to the early stages of precipitation occurring during laser deposition due to cyclic reheating, 
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effectively causing “intrinsic heat treatments”. No actual precipitates were detected in the as-
deposited alloy, however the statistical distribution of Ti in particular showed obvious clustering. 
After 5 minutes of aging at 480C, Ti-Ni clusters had developed, possibly representing very small 
Ni3Ti precipitates. Once fully aged, a dispersion of different precipitates was observed consistent 
with the conventional aged alloy. However, the aged hardness was ultimately lower in the laser 
deposited alloy because of the retained and reverted austenite mentioned above. Although limited 
mechanical testing of laser deposited maraging steel has been reported on, its microstructure is 
similar to the as-welded alloy and should be suitable for most applications.  
 
The major differences in physical metallurgy between austenitic stainless steel and maraging steel 
must also be considered when it comes to heat treating the gradient. The general procedure for 
solution annealing type 316 stainless steel is to heat between 1040 and 1175 °C, and then rapidly 
quench through the range of 816 to 427 °C. Prolonged exposure in this temperature range is 
avoided to prevent sensitization through the precipitation of chromium carbides at grain 
boundaries. Fortunately, this is not a concern for the low-carbon type, 316L, considered here. 
Therefore, it is likely that the annealing and aging heat treatments for the C300 maraging steel will 
be suitable for both base alloys.  
 
Although the terminal alloys and their response to laser deposition and heat treatments is largely 
understood, it is much more challenging to predict these characteristics for the many intermediate 
“alloys” along the gradient. The main metallurgical characteristics of interest here are (1) the 
matrix phase (martensite, austenite, or ferrite), (2) age-hardening precipitate phases, and (3) other 
secondary phases. Each will be considered separately, beginning with the matrix phase. It has 
already been established that a transition from martensite to austenite is expected to occur along 
the gradient. However, given the high cobalt content and relative obscurity of maraging steels, 
there are no known commercial alloys to anchor to along the gradient path between C300 and 316L 
SS. The applicability of thermodynamic equilibrium predictions is also limited, as will be 
demonstrated Section 5.4. The metastable and diffusionless phases encountered in these alloy 
systems are nonrepresentative of equilibrium products, and thermal history plays a rather 
significant role. In this case, it is customary to make predictions using constitution diagrams 
developed for the rapid solidification of steel weld metals.  Diagrams such as the Schaeffler 
diagram [270] and WRC-1992 [280] map the expected quantities of austenite, martensite, and 
ferrite based on nickel and chromium equivalents. Plotting the linear composition gradient on the 
1949 Schaeffler diagram, as done in Figure 5-1a, suggests that the C300 will have a mixed 
austenitic/martensitic structure, transitioning to full austenite at a composition of ~65% wt. 316L 
SS. At the nominal composition of 316L SS, the predicted rapid solidification microstructure is 
mostly austenite plus 5% ferrite content. It is important to note that the Schaeffler diagram does 
not take into account the effect of cobalt, a known austenite stabilizer, nor titanium, which will 
also stabilize austenite over martensite in this case. The Schneider diagram [270, 281], reproduced 
in Figure 5-1b, was introduced later in 1960 to include the influence of cobalt. However, plotting 
the composition path on this diagram suggests that C300 will consist entirely of austenite, which  
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          (a)           (b) 

Figure 5-1: Linear gradient path between C300 maraging steel and 316L SS plotted on (a) the 1949 
Schaeffler diagram and (b) the 1960 Schneider diagram, reproduced from [270].  

 
 
does not agree with any experimental observations in welding or otherwise. The lack of agreement  
is most likely due to the fact that the martensite considered in these diagrams is of the Fe-C type, 
rather than the less common Fe-Ni martensite of interest here. The applicability of these 
constitution diagrams for predicting phase composition along the gradient is thus limited. Another 
possibility for predicting martensite content along the composition gradient would be based to 
calculate the evolution of the martensite start temperature. However, standard methods for 
predicting martensite start temperature based on composition, as done in [282-285], are based on 
Fe-C martensite only, and give inaccurate results for the Fe-Ni martensite found in high-nickel, 
low-carbon steels.  
 
Age-hardening precipitates are also expected to evolve with composition along the gradient. Their 
formation will depend upon the matrix phase and its population of nucleation sites, as well as 
thermodynamic driving forces. The latter can be predicted with CALPHAD modeling, but is 
somewhat limited by the failure of available thermodynamic databases to include key age-
hardening precipitates for maraging steel [272]. However, CALPHAD has already proven useful 
for predicting the formation of brittle secondary phases, such as 𝜎-FeCr. Since the austenite 
stability increases along the gradient from 316L SS to C300, it is unlikely that there will be any 
greater risk for 𝜎-FeCr formation at intermediate compositions than there already is for 316L SS 
alone. However, thermodynamic calculations are still necessary to rule out other 𝜎-type phases or 
brittle intermetallics that may be prone to form. Results of these calculations can be found in 
Section 5.4 on thermodynamic analysis. Should the gradient be free of deleterious phases and 
simply undergo a transition from martensite to austenite, its properties will likely be no worse than 
that of the weaker alloy, 316L SS. Given the limitations of available modeling, it is necessary to 
confirm this experimentally with microstructural characterization, as described below.  
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5.3   Prototype Gradients 
 
This section discusses the fabrication and characterization of prototype-scale laser deposited 
gradients transitioning between maraging and austenitic stainless steel. Their design and 
fabrication was performed prior to this thesis work, by collaborators at JPL as a continuation of 
the research published in [5, 6].  
 
5.3.1   Fabrication 
 
Gradients transitioning between C300 maraging steel and 316L SS were deposited with an RPM 
Laser Deposition System according to the procedures described in Section 3.3. The gradients were 
deposited in the form of 6.53 mm diameter solid cylinders on a stainless steel baseplate with the 
process parameters and run log in Tables 5-3 and 5-4. The precise powder compositions are given 
in Table 5-2. Eleven gradient cylinders were deposited simultaneously, as shown in Figure 5-2. 
The gradients began with 100 layers of C300 maraging steel, and then transitioned to 316L SS 
through a narrow and smoothly varying gradient region. The gradient region consisted of 13 layers, 
with a composition change of 7.134% by volume each layer. The layer thickness was 0.508 mm, 
making the gradient region ~6.6 mm wide. The laser power, hatch width, and laser spot size were 
maintained constant throughout the build according to Table 5-4b. Deposition was carried out 
successfully with no signs of cracking or distortion. As expected, the maraging steel half of the 
rod was observed to be ferromagnetic, while the stainless steel half was nonmagnetic. Following 
deposition, the cylinders were removed from the baseplate, further sectioned, and cut vertically 
with wire EDM such that the cross sectional surface of the gradient could be polished for 
characterization (Figure 5-4a). Following the EDM sectioning, it was observed that the build 
halves were slightly bowed in the build direction, indicating relaxation of residual stresses.  
 
5.3.2   Heat Treatments  
 
After sectioning, the gradient cross sections were subjected to various heat treatments as listed in 
Table 5-5. One gradient was maintained in the as-built condition to allow for characterization of 
the as-deposited properties and microstructure. Three others were given standard heat treatments 
recommended for C300 maraging steel. Of these, one was solution annealed at 815 °C for 1 hour, 
one was aged at 482 °C for 6 hours, and a final gradient was both annealed and aged. The 
components were heated in a furnace and air-cooled to room temperature thereafter. Finally, one 
gradient was given a standard hot isostatic pressing (HIP) treatment at 815 °C and 101.7 MPa for 
2 hours and 15 minutes.  
 
The anticipated effects of these heat treatments are of course a function of composition. For the 
maraging steel and compositions with similar microstructure, heating to 815 °C is expected to fully 
austenize the material, and upon cooling, the martensite will re-form in its annealed state. If there 
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Table 5-3: Process parameters for maraging to stainless steel gradients. 
 

Substrate	 Powders	
Layer	thickness	

(mm)	
Laser		

Power	(W)	
Hatch	width	

(mm)	
Spot	size	
(mm)	

Scan	speed	
(cm/min.)	

stainless	
steel	

316L	stainless	steel	
C300	maraging	steel	

0.508	 874	 0.889	 1.415	 76.2	

 
 

Table 5-4: Run log for maraging to stainless steel gradients. 
 

Layer	 Vol.	%												
C300	

Vol.	%							
316L	SS	

g/min.										
C300	

g/min.							
316L	SS	

0–99	 100	 0.000	 11.928	 0.000	
100		 92.857	 7.143	 11.076	 0.388	
101	 85.714	 14.286	 10.224	 0.810	
102	 78.571	 21.429	 9.372	 1.239	
103	 71.429	 28.571	 8.520	 1.677	
104	 64.286	 35.714	 7.668	 2.122	
105	 57.143	 42.857	 6.816	 2.577	
106	 50.000	 50.000	 5.964	 3.040	
107	 42.857	 57.143	 5.112	 3.514	
108	 35.714	 64.286	 4.260	 3.997	
109	 28.571	 71.429	 3.408	 4.493	
110	 21.429	 78.571	 2.556	 5.000	
111	 14.286	 85.714	 1.704	 5.520	
112	 7.143	 92.857	 0.852	 6.054	

113–213		 0.000	 100	 0.000	 6.604	
 
 

      
      (a)           (b) 

Figure 5-2: (a) Schematic drawing of maraging to stainless steel gradients, and (b) photograph of 
multiple gradients that were deposited simultaneously, still attached to the base plate.   
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Table 5-5: Heat treatments applied to maraging to stainless steel gradients. 
 

Condition	 Heat	Treatment	

As-built	(As-deposited)	 none	

Annealed		 815°C	for	1	hour	

Age	hardened	 482°C	for	6	hours	

Annealed	and	age	hardened	 815°C	for	1	hour,		
followed	by	482°C	for	6	h	

Hot	isostatic	pressing	(HIP)	 815°C	(±14°C)	at	101.7	MPa		
(±1.7	MPa)	for	2	hours	15	minutes		

 
 
are any hardening precipitates present in the material immediately after deposition, they will be 
dissolved and the material will exhibit some softening as a result. If no precipitation occurred 
during deposition, a change in hardness after annealing may also result from relieving of residual 
stresses. For the austenitic stainless steel, the 815 °C annealing step is unlikely to cause any major 
change in properties. Although heating in this range would ordinarily cause sensitization and 
reduced corrosion resistance in regular type 316, the low carbon type, 316L, should not be affected.  
The purpose of the 482 °C aging step is of course to induce precipitation in the C300 maraging 
steel, such that the alloy’s maximum hardness values can be achieved. Again, the effects should 
be negligible in the 316L SS at this temperature due to the low carbon content. Alternatively, the 
HIP treatment is expected to simultaneously anneal the material and close any process-related 
porosity.  
 
The objectives of the heat treatment experiment include the following: 

1. Determine whether applying standard heat treatments to the laser deposited maraging and 
stainless steel results in properties comparable to those of the conventionally processed 
alloys. 

2. Use annealing to indirectly gauge whether hardening precipitates are present in the as-
deposited material due to intrinsic heat treating.  

3. Understand the microstructure and properties of intermediate compositions along the 
gradient based on how they respond to standard heat treatments. In particular, determine 
the threshold compositions for martensite formation and age-hardening precipitates.  

4. Show whether or not standard HIPing procedures are sufficient to remove laser 
deposition porosity in maraging and stainless steel. 

5. Determine whether residual stresses create any noticeable change in properties along the 
gradient, based on measurements made before and after a standard annealing treatment.  

6. Rule out any deleterious effects of the heat treatments along the gradient, such as the 
formation of unwanted secondary phases during annealing or aging. 
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5.4   Characterization 
 
Following heat treatments, the gradients were polished in cross section with 320 – 4000 grit SiC 
grinding papers, followed by 3 µm, 1 µm, and 0.1 µm diamond solutions, and finally 0.02 µm 
noncrystallizing colloidal silica suspension. Vickers indentation was then used to map hardness 
along the composition gradient for the various heat treatment conditions. The results, given in 
Section 5.4.1, focus on the presence of a distinct drop in hardness that occurs at a precise 
composition threshold along all of the gradients, irrespective of heat treatment. For microstructural 
characterization, the gradients were then etched by swabbing with Kalling’s No. 2 (5g CuCl2 + 
100mL HCl + 100mL ethanol) on the maraging steel half, and Glyceregia (15mL HCl + 10mL 
glycerol + 5mL HNO3) on the stainless steel half. Comprehensive microstructural mapping of the 
as-built and age-hardened gradients was performed with EBSD, as presented in Section 5.4.2. 
Further investigation with EBSD and EDS of the solidification structure and solute redistribution 
(also known as microsegregation) along the gradients was carried out as well, as described in 
Sections 5.4.3 and 5.4.4. Discussions on the microstructural origin of the hardness drop are 
ongoing throughout these sections. Two major process-related defects, solidification cracking and 
gas porosity, were also observed, and are discussed in Sections 5.4.5 and 5.4.6, respectively. 
Finally, Section 5.4.7 focuses on TEM-based efforts to detect age-hardening precipitates along the 
gradient at key intermediate compositions.  
 
5.4.1   Vickers Hardness  
 
Vickers hardness testing was performed along the composition gradients according to the 
procedures described in Section 3.5.4. For the initial testing, a single line of indents was placed 
along each sample to compare the effects of the different heat treatment conditions. Figure 5-3 
shows the results plotted as a function of distance along the samples, with the approximate location 
of the composition gradient determined with EDS. Also indicated are commercially reported 
hardness values for conventionally processed 316L SS (148 HV), annealed C300 (302 HV), and 
age-hardened C-300 (544 HV).  
 
Comparing the as-built and annealed hardness profiles, it is clear that little to no softening occurred 
after annealing. Furthermore, both exhibit hardness values in the pure C300 region similar to that 
of the annealed conventional alloy. This is consistent with the premise that no age hardening 
precipitates are present in the C300 immediately after deposition. It also suggests that the laser 
deposited material does not contain residual stresses that affect hardness values on the local scale, 
or at least not those that can be relieved with solution annealing. For the 316L SS, the hardness in 
the as-built and annealed gradients is slightly higher than that of the conventionally processed 
alloy, which is consistent with results reported elsewhere [99, 263]. At the center of the gradient, 
the hardness is slightly lower, but does not dip below the nominally accepted value for 316L SS. 
After aging, the hardness in the C300 increases to a value similar to that of the conventionally age- 
 



 155 

 
Figure 5-3: Plot of Vickers hardness along C300 to 316L SS gradients, comparing the results of 

various heat treatment conditions (as-built, aged, annealed, and both annealed and aged). Hardness is 
plotted as a function of distance along the gradient, and the location of the composition gradient 

region was then determined with EDS. The horizontal dotted lines indicate commercially reported 
hardness values for conventionally processed 316L SS (148 HV), annealed C300 (302 HV), and age-

hardened C-300 (544 HV).  
 
 

hardened alloy, and remains unchanged in the 316L SS. Since no benefit is seen from solution 
annealing the gradient after deposition or prior to aging, it is concluded that annealing at this 
temperature does not result in any noticeable microstructural differences, and can be considered 
an unnecessary step.  
 
The most notable feature in the hardness profiles is of course a steep drop in hardness that occurs 
at a precise composition threshold in all heat treatment conditions, corresponding to roughly 30-
35% wt. 316L SS. Its presence both before and after aging suggests that a major microstructural 
change occurs at this threshold after deposition, which subsequently affects the formation of 
hardening precipitates during aging. However, given the layer thickness of ~500	µm, the spatial 
resolution of these Vickers measurements (~400 µm) is insufficient to determine whether the 
hardness drop occurs suddenly at a layer interface, or more gradually through the thickness of a 
layer or two. To better resolve the hardness drop, indents were repeated in the as-built and age-
hardened gradients in the form of a large staggered array, as shown in Figure 5-4. Following 
indentation, EDS was used to measure the composition at each indent, with the % wt. of 316L SS 
approximated from the Co and Cr contents. This is an important step since each layer interface is 
not actually linear, but rather takes the form of a scalloped edge created by the laser melt pool 
tracks, as can be seen in Figure 5-4. This means that the same distance along the gradient does not 
always correspond to the same composition. With these measurements, the hardness can be plotted 
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Figure 5-4: Schematic showing placement of staggered Vickers indent array to obtain maximum 
spatial and compositional resolution, given the nonlinear layer interface morphology observed.  

 
 

as a function of both distance along the gradient and composition, as done in Figures 5a and 5b, 
respectively. The EDS measured weight percentages of Co and Cr are also plotted with distance 
in Figure 5a, showing a near-linear composition slope along the gradient despite the stair-step 
deposition strategy. The hardness profiles are consistent with the previous set of data, and show 
that the hardness begins declining gradually with the addition of SS, drops abruptly through the 
range of 30-35% wt. 316L SS, and then remains nearly constant through the rest of the composition 
gradient. Subsequent etching of the as-built sample in Figure 5-6a shows that the microstructure 
remains fairly consistent throughout the hardness drop, with no indication of the cause of the 
softening. Figures 5-6(b–d) also shows the deformation surrounding three indents made at different 
locations along the as-built gradient: just before the hardness drop, just after the hardness drop, 
and further along the sample at greater SS contents. The deformation before and after the hardness 
drop is rather similar, while later indents at comparable hardness values show pile-up consistent 
with slip occurring along a limited set of planes, most likely within a single grain.   
 
The age-hardened gradient also exhibits visible evidence of the hardness drop after etching, as can 
be seen in Figure 5-7. There appears to be a layer interface beyond which the etching response 
changes dramatically. All indents landing within the heavily etched layers appeared hard, while 
all those landing beyond the interface appeared soft, even if the indent extended to within 10 µm 
of the interface. The origin of both the hardness drop and etching response cannot be easily 
explained, and require further investigation of the gradient microstructures as addressed in the 
following sections.  
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(a) 

 

         
(b) 

Figure 5-5: Vickers hardness results for higher resolution indent array made along as-built and age-
hardened gradients. Results are plotted in (a) as a function of distance along the gradient, along with 
cobalt and chromium content as determined at the indent locations with EDS, and (b) as a function of 

the approximate composition surveyed by the indent. 
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(a) 

 
    (b)        (c)          (d) 

Figure 5-6: Optical micrographs of as-built gradient showing (a) etched microstructure along the 
hardness drop, and deformation surrounding indents located (b) before the hardness drop, (c) just 

after the hardness drop, and (d) further along the gradient at higher 316L SS contents.  
 
 

 
Figure 5-7: SEM micrographs of Vickers indent array on the age-hardened gradient after etching, 

showing a clear change in etching response corresponding to the drop in hardness along the 
composition gradient. 
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(a) 

 

 
(b) 

Figure 5-8: (a) Comparison of Vickers hardness along HIPed and as-built gradients, and (b) 
histogram based on 50 measurements made in each pure alloy. 

 
 
Finally, results for the hardness testing of the HIPed gradient are plotted in Figure 5-8a. Compared 
to the as-built gradient, there appears to be a slight increase in hardness at higher 316L SS contents, 
however there are not enough data points to comment on the statistical significance. Sources of 
uncertainty in Vickers hardness measurements include surface quality, grain size, deviations from 
the ideal indenter geometry, stiffness of the support, temperature, vibrations, resolution of the 
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microscope camera, and operator error in measuring the indent diagonals. However, there is the 
additional factor that laser deposited materials can often exhibit inhomogeneous microstructures, 
causing the actual hardness to vary from indent to indent. To obtain an approximation of the spread 
in hardness values in the deposited material, 50 indents were made in either alloy. The results are 
plotted on the histogram in Figure 5-8b. The 316L SS was found to have an average hardness of 
193.1 HV and standard deviation of 7.3 HV, while the C300 had an average hardness of 317.3 HV 
with standard deviation of 5.5. These uncertainties are low compared to the deviations in hardness 
seen at intermediate compositions in the HIPed vs as-built gradients, suggesting that HIPing may 
affect the component hardness. However, confirming this will be left to future work once the HIP 
parameters are finalized.  
 
5.4.2   Microstructural Mapping  
 
This section describes the detailed mapping of microstructural evolution along the composition 
gradients using EBSD, focusing on the as-built and age-hardened conditions. Microstructures in 
the annealed gradients were found to agree with their unannealed counterparts, and thus are not 
discussed here. A summary of the EBSD results is given in Figure 5-9, and the complete maps are 
reproduced at the end of this section in Figures 5-15 and 5-16. Indexing was performed for Fe-
FCC and Fe-BCC only, and no evidence of other secondary phases resolvable with EBSD was 
detected.  
 
To summarize the results, the microstructure along the gradient can be divided into three distinct 
regions. From the pure maraging steel to about 20% wt. 316L SS, the material consists of fine 
irregularly shaped grains of BCC, with small amounts of retained austenite forming between them 
(Figures 5-15a and 5-16a). Although EBSD cannot distinguish between ferrite and martensite, the 
BCC is presumed to be martensite as expected for C300 maraging steel. The range of 20% and 
54% wt. 316L SS then corresponds to a fine dual-phase region, consisting of BCC cells with FCC 
located in the cell boundaries (Figures 5-15(b-d) and 5-16(b-d)). Higher resolution maps from the 
dual-phase region in Figure 5-11 indicate that the material initially solidified in the form of large 
austenite grains through cellular or dendritic solidification, and upon further cooling, formed 
martensite locally within the cell interiors. The solidification structure and its influence on phase 
formation in the dual phase region are further discussed in Sections 5.4.4 and 5.4.5. Beyond ~54% 
wt. 316L SS, the microstructure transitions to large austenite grains only, 100-250 µm in diameter 
and growing across multiple layers (Figures 5-15(e-g) and 5-16(d)). In the 100% 316L SS layers, 
the grains continue to grow larger and more irregular, as shown in Figure 5-15g. Minimal 
differences are seen between the as-built and age-hardened gradients, and the composition 
thresholds for major microstructural transitions remain unchanged after aging. The only apparent 
difference is a slightly increased percentage of austenite in the aged C300, which can be attributed 
to austenite reversion.  
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(a) 

 

  
(b) 

Figure 5-9: (a) EBSD phase maps (left) and Euler color grain orientation maps (right) comparing 
various regions along the gradients for as-built (as-deposited) and age-hardened conditions. The 
percentages on the left refer to the range of 316L SS weight percentages that corresponds to the 

depicted microstructure. (b) Stitched together EBSD maps showing the evolution of microstructure 
along the gradient from ~28% to 62% wt. 316L SS, including phase and IPF X (orientation with 

respect to build direction). 
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The evolution of the grain structure and phase composition can be better visualized by stitching 
together multiple EBSD maps along the gradients, as done in Figure 5-9b. This stitched map shows  
the region from 28% to 62% wt. 316L SS, which includes most of the dual-phase region and the 
transition to austenite. Initially it was hypothesized that the hardness drop corresponded to the 
austenite transition, since this marks the transition at which there would no longer be martensite 
available to provide hardening before aging or form age-hardening precipitates afterwards.  
However, the location of the hardness drop actually corresponds to 30-35% wt. 316L SS, which is 
located well earlier within the dual phase region, where martensite is still present and there is no 
obvious change in microstructure or phase fractions. This is consistent with the deformation 
observed around various Vickers indents in Figure 5-6(b-d). Indents (b) and (c) were located within 
the dual phase region on either side of the hardness drop, and exhibit similar deformation behavior, 
whereas indent (d) had been placed further along the gradient within a large austenite grain.  
 
To further examine the changes in microstructure at the hardness drop, EBSD maps were collected 
from the areas surrounding a series of three indents that bridged the transition in the as-built 
gradient. The results in Figure 5-10 show that the austenite fraction increases from 27.5% at the 
first indent to 48.2% at the third indent. While it is possible that the hardness drop could be 
attributed to the increasing austenite percentage alone, the Vickers hardness show that the majority 
of the softening (257 HV to 186 HV) occurred between the first and second indent shown, where 
the austenite percentage increases from 27.5% to only 31.8%. The compositions measured at these 
two indents are consistent with those previously identified at the hardness drop, roughly 30% and 
35% wt. 316L SS. The third indent, while showing an even lower hardness value of 158 HV, 
corresponds to 40% wt. 316L SS. Attributing the hardness drop to a simple change in austenite 
percentage also does not explain the post-aging behavior. Presumably, whatever caused the 
hardness drop before aging is also responsible for discontinuing age-hardening from precipitate 
formation after aging. It is therefore more likely that a fundamental characteristic also changed 
within the martensite itself, such that age-hardening precipitates were no longer able to form.  
 
Figure 5-11 shows another EBSD comparison using higher resolution maps taken from the areas 
just before and just after the hardness drop in the age-hardened gradient. The overall structure of 
the martensite and austenite is similar to that observed in the as-built condition, with the only likely 
difference being precipitates that are unresolvable with EBSD. In both areas, the orientation of the 
austenite is constant throughout each prior austenite grain, whereas the martensite orientation 
changes according to a fixed set of variations within each grain, as well as within individual cells 
or dendrites. Figure 5-12, showing a map taken precisely at the interface (as defined with etching) 
also confirms that the morphology and phase distribution is equivalent between the hard (heavily 
etched) and soft (lightly etched) material. The morphology of the martensite both before and after 
the hardness drop is consistent with that reported elsewhere for laser deposited maraging steel 
[132], but differs from that of the conventional alloy. In order to make any judgment about the 
origin of the pre-aging hardness drop, it is necessary to first consider the strengthening mechanisms 
of Fe-Ni lath martensite.  
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(a) EBSD phase fraction 

 
(b) EBSD Euler color (grain orientation) 

 
(c) EBSD IPF X (orientation with respect to the build direction) 

 
Figure 5-10: EBSD mapping of the as-built gradient in the vicinity of three indents that bridge the 

hardness drop, showing (a) phase, (b) Euler color, and (c) IPF X orientation.  
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(a) hard area 

 
(b) soft area 

Figure 5-11: Comparison of martensite and austenite morphology for the age-hardened gradient in (a) 
the hard area just before the hardness drop, and (b) the soft area just after the hardness drop.  
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Figure 5-12: EBSD map at the hardness drop interface, verifying that the morphology and phase 
distribution is similar in the harder material (heavily etched), and softer material (lightly etched). 

 
 
Lath martensite in conventionally processed low-carbon and maraging steels typically exhibits a 
hierarchical structure as depicted in Figure 5-13. The hierarchy consists of prior austenite grains 
divided into martensitic packets, which are then further divided into blocks, sub-blocks, and finally 
laths. Each packet consists of neighboring blocks that share the same habit plane, and each block 
contains laths that share the same variant of the orientation relationship. For maraging steel, the 
orientation relationship with which martensite forms from the prior austenite grains has been 
described mostly commonly as either Kurdjumov-Sachs or Nishiyama-Wassermann [286-288]: 
 

(K-S):  111 c 110 a	 110 c 111 a 
(N-W):  111 c 110 a	 110 c 100 a 

 

with the two being so similar that the disagreement is believed to be a matter of resolution [288]. 
The yield strength of lath martensite, 𝜎{, has been attributed to a combination of features, and can 
be described with the following equation [289, 290], 
 

𝜎{ = 𝜎| + 𝜎} + 𝜎T + 𝜎~ + 𝑘��𝑑�O/M 
 

where 𝜎| is the friction stress of pure iron, 𝜎} is the precipitation strengthening, 𝜎T is the solid 
solution strengthening, 𝜎~ is the strengthening provided by dislocations in laths and their low angle 
boundaries (lath and sub-block boundaries), and 𝑘��𝑑�O/M is the Hall-Petch strengthening from 
high angle grain boundaries (block, packet, and prior austenite grain boundaries). Based on the 
contributions in the above equation, possible origins of the hardness drop are explored below. 
 
Prior to aging, the dominant terms will be solid solution strengthening, dislocation strengthening, 
and Hall-Petch strengthening. Hall-Petch strengthening in low-carbon lath martensite has been 
frequently reported on, however there remains some disagreement surrounding what constitutes 
grain size in this case, given the hierarchical structure of high angle grain boundaries between prior  
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Figure 5-13: Schematic depicting hierarchy of lath martensite in low-carbon and maraging steels, 

drawn based on [291]. 
 
 
austenite grains and martensitic packets and blocks [292]. Some studies have concluded that packet 
size is the dominant size feature, while others claim the block size dominates [290]. Still others 
have attributed major strength differences to prior austenite grain size [292]. It is clear that the 
various feature sizes in the conventional alloy are also intimately related, in that the prior austenite 
grain size is usually correlated with the packet and block sizes [274]. In the laser deposited alloy, 
this hierarchical structure is largely absent, and instead the formation of martensite blocks is 
spatially confined by the solidification cells or dendrites and any retained austenite at their 
boundaries. The correlation between prior austenite grain size and scale of martensitic packets and 
blocks is thus broken, and the scale is instead determined by that of the solidification substructure. 
Given that there is no significant change in the size of these features before and after the hardness 
drop, it is unlikely that Hall-Petch strengthening is responsible for the hardness drop. Furthermore, 
a difference in grain size would not necessarily influence the formation of precipitates during 
aging. 
 
The influence of solid solution strengthening resulting from the decreasing Ni content at the 
hardness drop is also unlikely to play a role. Studies on low carbon Fe-Ni steels indicate that the 
percentage of Ni present does not appear to influence the 0.2% offset yield strength of the 
martensite to a measureable extent [293]. This is because the stress field created by Ni as a solid 
substitutional atom in the BCC Fe lattice is very small compared to that for an interstitial element 
like C. The nickel content does, however, have an influence on dislocation density in lath 
martensite, albeit a marginal one. This is due to its effect on both the extent of lattice distortion 
and the martensite start temperature. As the percentage of nickel decreases, the martensite start 
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Figure 5-14: Low temperature Fe-rich portion of the Fe-Ni binary phase diagram, showing martensite 

start temperature, MS, as measured by Kaufman and Cohen in [294]. 
 
 
temperature increases, as shown in the metastable Fe-Ni diagram in Figure 5-14. At higher 
temperatures, the amount of auto-recovery increases and the volume change that must be 
accommodated with plastic deformation also decreases. This leads to lower dislocation densities, 
and thus lower strengths, at lower nickel contents. However, as stated, the effects are somewhat 
marginal. Morito et al. [295] report that a decrease in Ni content in Fe-Ni steel from 23% to 11% 
wt. results in a decrease in dislocation density by 2.68 times (from 10.2 × 1014 m-2 to 3.8 × 1014 
m-2). A material’s strength is generally regarded as being proportional to the square root of the 
dislocation density: 
 

𝜎 ∝ 𝜌 
 

suggesting that the strength will decrease by a factor of 1.64. Although this is on the order of the 
hardness difference observed at the hardness drop, the difference in Ni content between 30% and 
35% wt. 316L SS is only ~0.3% wt. The small reduction in Ni content therefore does not agree 
with the threshold behavior observed.  
 
However, this does not address the role of other alloying elements and impurities on solid solution 
strengthening and dislocation density in the martensite. The effect of interstitial atoms, such as C 
and N, is particularly substantial. Krauss [289] reports the following equation for the dependency 
of unaged martensitic yield strength in Fe-20%Ni steel on carbon content: 
 

𝜎|.M MPa = 461 + 1.31×10� wt.%	C O/M	 
 

This amounts to a decrease in yield strength of 185 MPa when the C content is decreased from 
0.02% to 0% wt. The corresponding decrease in dislocation density would in turn reduce the 
formation of hardening precipitates during aging. Although the nominal carbon content is expected  
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Table 5-6: Solid solution strengthening constants for various maraging steel alloying elements [274]. 
 

Element	 Ni	 Mn	 Cr	 Al	 Ti	 Mo	 Cu	
𝛽� 	[MPa/at]	 708	 540	 622	 196	 2628	 2362	 320	

 
 
to remain fairly constant throughout the gradient (powder specifications: C300: 0.02% wt. C; 316L 
SS: 0.026% wt. C), this does not account for any local decrease in carbon content in the martensite, 
due to (1) microsegregation to intercellular austenite, or (2) formation of secondary carbide phases 
that are not resolvable with EBSD. Since carbon content as measured with EDS is historically 
untrustworthy due to both its low atomic number and unavoidable contamination, the results 
presented thus far cannot rule out these possibilities.  
 
In addition to variable carbon content, similarly plausible explanations can be considered for the 
N content, as well as percentages of other alloying elements, particularly those which go on to 
form age-hardening precipitates. Mo and Ti, two key precipitate-forming elements, are known to 
provide significant solid solution strengthening in maraging steels. The total contribution of solid 
solution strengthening from alloying elements is given by: 
 

𝜎T = 𝛽�M𝑥�,Y�
O/M

�

 

 

where 𝑥�,Y� is the atom fraction of solid solution element, 𝑖, and 𝛽� is its strengthening constant in 
iron. The 𝛽� values for various alloying elements, reported in [274], are listed in Table 5-6. Based 
on these values, a Ti atom fraction of 0.01 in Fe (~1.17% wt. Ti) will result in a 26.28 MPa increase 
in strength. It is possible that the decreasing Ti content along the gradient, combined with an 
increasing tendency for it to segregate to intercellular austenite and/or form non-hardening 
secondary inclusions, could act to reduce the quantity available for both solid solution 
strengthening and age-hardening precipitates. This would account for a reduction in strength both 
before and after aging. These possibilities will be further addressed in the sections on 
microsegregation and thermodynamic modeling that follow.  
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      (a) 

 

 
     (b) 

Figure 5-15: EBSD maps along gradient in the as-built (as-deposited) condition, at (a) 100% C300 
maraging steel and (b) 24 – 26% wt. 316L SS.  
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(c) 

 

 
(d) 

Figure 5-15 (cont’d): EBSD maps along gradient in the as-built (as-deposited) condition, at (c) 28 – 
40% wt. 316L SS and (d) 39 – 54% wt. 316L SS.  
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(e) 

 

 
(f) 

Figure 5-15 (cont’d): EBSD maps along gradient in the as-built (as-deposited) condition, at (e) 53 – 
62% wt. 316L SS and (f) 77 – 89% wt. 316L SS.  
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Condition:	As-built;				Composition:	100%	316L	SS	

 
 

 
(g) 

Figure 5-15 (cont’d): EBSD maps along gradient in the as-built (as-deposited) condition, at (g) 100% 
316L SS. Note that IPF Y represents the build direction in this case. The phase (not shown) was 

found to be 100% Fe-FCC. 
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(a) 

 

 
(b) 

Figure 5-16: EBSD maps along gradient in the age-hardened condition, at (a) 100% C300 maraging 
steel and (b) 20 – 27% wt. 316L SS.  
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(c) 

Figure 5-16 (cont’d): EBSD maps along gradient in the age-hardened condition, at (c) 26 – 39% wt. 
316L SS.  
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(d) 

Figure 5-16 (cont’d): EBSD maps along gradient in the age-hardened condition, at (c) 44 – 62% wt. 
316L SS.  
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5.4.3   Solidification Substructure 
 
As discussed in Section 2.3.5, laser deposition induces a characteristic solidification substructure 
that, depending on an alloy’s physical metallurgy, can majorly impact its properties. Chemical 
etching of the as-built and age-hardened gradients revealed a fine substructure throughout the 
composition gradient consistent with mixed cellular and dendritic solidification modes. The optical 
micrographs in Figure 5-17 show an example of this substructure for both the 100% and 16% wt. 
316L SS regions. The solidification grain boundaries coincide with the boundaries of the prior 
austenite grains, each of which formed via the solidification of fine cells or dendrites with shared 
orientation. Also visible are the melt pool boundaries of the deposited material, which appear as 
discontinuities in the cellular or dendritic substructure.  
 
The scale of the solidification cells is related to the cooling rate during solidification. Katayama & 
Matsunawa [296] defined such a relation for 310 SS, which Farren et al. [12] claim provides a 
good estimate for laser deposited 316 SS: 

𝜆 = 80𝜀�|.� 
where 𝜀 is the cooling rate in °C/s, and 𝜆 is the cell spacing in µm. The average cell spacing was 
estimated from the SEM micrograph in Figure 5-18 to be ~ 8	µm, giving an estimated cooling rate 
of 2.15	×	10� °C/s. This is within the range expected for laser deposition [84]. 
 
 

 
              (a)               (b) 

Figure 5-17: Optical micrographs of solidification substructure in the etched as-built gradient at (a) 
100% wt. 316L SS and (b) ~16% wt. 316L SS.  

 
 



 177 

  
Figure 5-18: SEM micrograph of solidification cells in etched as-built gradient at 100% 316L SS.  

 
 
5.4.4   Solute Redistribution 
 
The solidification substructure is resolvable with etching as a direct result of solute redistribution 
causing compositional homogeneities on the cellular or dendritic scale. Also called 
microsegregation, this refers to the tendency for alloying elements to segregate to intercellular or 
interdendritic regions during solidification. This phenomenon can be explained by the differences 
in solubility of the solute atoms in the solid and liquid phases, as shown in the hypothetical binary 
diagram in Figure 5-19a. Since solubility is higher in the liquid phase, the initial solid that forms 
will be lower in solute content than the liquid from which it formed. The relationship between 
solute content in the solid phase (𝐶�) and the liquid from which it formed (𝐶�) is defined by the 
equilibrium partition coefficient, 𝑘|, given by 

𝑘| =
𝐶�
𝐶�

 

As the temperature reduces and solidification progresses, the compositions of the solid and 
remaining liquid will adjust via diffusion to maintain their equilibrium values at each temperature. 
Under true equilibrium conditions, the solid will be homogeneous with a composition equal to that 
of the nominal alloy once solidification is complete. 
 
Of course, the high cooling rates of laser deposition cause this process to unfold in a 
nonequilibrium manner, leading to persistent microsegregation. The boundary conditions that are 
most commonly considered in this case include an assumption that during solidification, there is 
complete mixing in the liquid, but zero diffusion in the solid phase. The consequences of these 
conditions have been derived in the so-called Scheil equation [297], from: 
 

𝐶� − 𝐶�∗ 𝑑𝑓T = 1 − 𝑓T 𝑑𝐶� 
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   (a)          (b) 

Figure 5-19: Hypothetical binary phase diagram for solute B in A considering (a) equilibrium 
solidification, and (b) non-equilibrium solidification with conditions of complete liquid mixing and 

zero solid diffusion. Drawn based on [93]. 
 
 
with the solution given by: 
 

𝐶�∗ = 𝑘|𝐶| 1 − 𝑓T ���O 
 

where 𝐶�∗ is the composition of the solid at the solid-liquid interface, 𝑓T is the fraction of volume 
solidified, and 𝐶| is the nominal alloy composition. Under nonequilibrium conditions, the 
composition of the solid forming at the interface continuously evolves during solidification, but 
the already solidified material cannot homogenize via diffusion. The net effect, shown visually in 
Figure 5-19b, is that the average composition of the solid at any given temperature will remain 
below the equilibrium value. For solidification to terminate and the nominal alloy composition to 
be reached, the process must continue will beyond the equilibrium solidus temperature, effectively 
widening solidification range. If the solidification occurs on the small scale of cells or dendrites, 
the result is microsegregation, in which the intercellular and indendritic regions that are last to 
solidify appear rich in solute concentration.  
 
The extent of microsegregation in the laser deposited gradients can be quantified with EDS. EDS 
mapping was performed at multiple locations along the composition gradient of the age-hardened 
component. Figure 5-20 shows a particular set of maps collected at a location that bridged the 
hardness drop, with the left half of the map corresponding to the harder area and the right half in 
the softer area. The composition change that corresponds to the hardness drop is visible in the Cr 
and Co maps, but the distribution of these elements is otherwise homogeneous, a result of their 
partition coefficients in iron being close to unity [298]. By contrast, the intercellular regions (or 
cell boundaries) appear rich in Mo, Ti, and Ni, and depleted in Fe. This is consistent with the 
appearance of retained austenite at the cell boundaries. The local composition in these areas 
contributes to stabilizing the austenite phase, whereas martensite forms within the cell interiors.  
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Figure 5-20: EBSD and EDS maps bridging the hardness gap in the age-hardened gradient, showing 

microsegregation of alloying elements to solidification cell boundaries.  
 
 
The same phenomenon is responsible for retained austenite in the pure maraging steel areas, as 
well as the formation of additional reverted austenite upon aging. Thus, the phase distribution 
throughout the dual-phase region can be almost entirely attributed to the solidification substructure 
and microsegregation. The EDS maps also show a high frequency of Ti- and N-rich particles 
located at the cell boundaries, which most likely correspond to the TiN inclusions known to 
embrittle maraging steels [276, 277]. Finally, the observation can be made that the extent of 
microsegregation appears higher in the soft area than in the hard area. This is consistent with the 
hypothesis that depletion of precipitate-forming elements contributes to the observed hardness 
drop. However, the signal and spatial resolution of EDS is generally too weak to quantify the 
comparison.  
 
Efforts to quantify microsegregation in the higher SS content areas where there is more contrast 
between the cell interiors and their boundaries can be accomplished with EDS linescans. An  
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(a) 

 
(b) 

Figure 5-21: Results for EDS linescan across several cell boundaries at ~40% wt. 316L SS, showing 
(a) the location of the linescan on EDS maps of Fe, Mo, and Ti content, and (b) the plotted linescan 

data with cell boundaries shaded in grey.  
 
 

example is given in Figure 5-21a, showing a linescan collected across multiple cell boundaries. 
The results, plotted in Figure 5-21b, confirm that the cell boundaries are rich in Mo, Ti, and Ni, 
and depleted in Fe. The linescan also bisects a TiNi inclusion that is evident from a large Ti peak. 
Based on measurements made at 20 individual cell boundaries, it was calculated that the peak 
concentration of Mo is 25-34% higher than the average concentration within the cells. Although 
weight percentage data was not available, this corresponds to a difference of ~0.7 – 1.0% wt. Mo. 
However, this should not be taken as a precise measurement given that the spatial resolution of 
EDS is on the order of the cell boundary width. A comparison of these results with Scheil 
solidification simulations performed with CALPHAD is covered in Section 5.5.  
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5.4.5   Solidification Cracking 
 
The microstructural characterization presented thus far revealed the presence of occasional cracks 
along the composition gradient, specifically in the regions composed of large austenite grains. 
From the examples given in Figure 5-22 it can be seen that the morphology of these cracks is 
consistent with solidification cracking. The cracks appear to follow the contour of solidification 
boundaries, which also correspond to austenite grain boundaries, taking on an “egg crate”-like 
edge due to individual solidification cells [88]. EDS mapping showed no signs of precipitates or 
inclusions associated with the cracks. Although the frequency of the cracks was low (1 to 2 cracks 
per square cm of surface area surveyed), they extended from 0.3 to 1.0 mm in length due to the 
large size of the austenite grains.  
 
The issue of solidification cracking has been extensively documented in the context of austenitic 
stainless steel welding [217-220]. Its cause has been identified as the persistence of low-melting 
liquid films along grain boundaries that fail to support the strains imposed by shrinkage during 
solidification. The liquids usually consist of impurity-containing compounds such as FeS (TM = 
1190 °C) or other sulfides, phosphides, and their eutectics. While reducing impurities levels (S and 
P) to < 0.002% can largely eliminate the issue, the most effective approach in practice is to 
maintain a nonzero ferrite percentage in the steel weld metal and ensure it does not solidify in the 
primary austenite mode. Since ferrite has a much higher solubility for these impurities, its presence 
effectively prevents them from forming low melting phases that wet grain boundaries.  
 
The focus of the relevant welding literature is of course reducing susceptibility to solidification 
cracking for the net composition of the weld metal composition that results from dilution. In this 
way, the issue along the composition gradient can be treated similarly, since it is effectively an 
extended “dilution zone” between a weld of C300 and 316L SS. In Figure 5-23, the composition 
path of the gradient is plotted on the WRC 1992 constitution diagram [280] used for determining 
solidification mode and ferrite percentage in rapidly solidifying steel. Although the composition 
of 316L SS itself is predicted to contain 5-6% ferrite, it does not take long for the gradient to 
transition to compositions that are fully austenitic and solidify in the primary austenite mode. The 
issue here is that adjusting the composition to form more ferrite is only feasible in the compositions 
that approach 316L SS itself, but this tactic will not work for the intermediate compositions at 
which austenite becomes progressively more stable. The only way to mitigate this issue is therefore 
to ensure impurity levels are sufficiently low. From the feedstock powder specifications in Table 
5-2, it can be seen that the C300 and 316L SS powders contained 0.01% and 0.006% wt. S, and 
<0.01% and 0.026% wt P, respectively. For solidification cracking along the gradient to be 
mitigated, these levels must be maintained below 0.002%.  
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        (a)      (b) 

Figure 5-22: Optical (a) and SEM (b) micrographs of solidification cracks along the composition 
gradient just after the transition to large austenite grains. 

 
 

 
Figure 5-23: Predicted solidification mode and ferrite percentage along a composition gradient 

beginning with 316L SS and transitioning towards C300 maraging steel (not shown), as plotted on 
the WRC-1992 diagram, reproduced from [280].  

 
 
5.4.6   Porosity Measurement 
 
Optical and SEM imaging of the gradient components revealed a non-negligible level of porosity. 
Given that porosity is known to negatively impact ductility and other mechanical properties in 
laser deposited parts [299, 300], it is worth characterizing the extent and origin of the porosity such 
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that it can be mitigated in future builds. For both the as-built and age-hardened gradients, optical 
microscopy of the polished cross sections was used to obtain an estimate of the pore size 
distribution and compute the area porosity percentage. A survey of the images used for analysis is 
given in Figure 5-24, showing that the pore range in size from <1 µm to ~100 µm in diameter. All 
pores appears spherical in shape and consistent with the morphology of interlayer pores caused by 
entrapped gas during laser deposition processing. An important observation is that the porosity 
was largely restricted to the maraging steel half of the gradient, and ceased beyond a certain 
percentage of 316L SS. This supports the hypothesis that the porosity originated in the maraging 
steel powder itself, an issue commonly observed with the use of gas-atomized powders.  
 
Analysis of the optical images was conducted with ImageJ according to the steps outlined in Figure 
5-25. Once the image was converted to greyscale, a threshold value was set, and the pore size was 
then evaluated with the “Analyze Particles” function in ImageJ. It is important to note that pores 
of area <10 pixels were not captured with this method, which limited the resolvable pore diameter 
to 1.27	µm. Pores of diameter between 1.27	µm < d < 2	µm were also not always detected due to 
appearing too faint in the images. To quantify pores on this scale, higher resolution images would 
be needed with SEM. The pore size distributions, given in Figure 5-26, are skewed towards larger 
pore sizes as a result. The results, also listed in Table 5-7, were similar for the as-built and age-
hardened gradients as expected. The average pore sizes for the as-built and age hardened gradient 
were 9.2 µm and 9.5 µm, respectively. Calculating the total pore area and dividing it by the total 
area surveyed gives an approximation for the area porosity percentage of 0.28% and 0.29% for the 
two samples. Based on the stereological principles defined by Delesse, the area fraction of a 
constituent provides an unbiased estimate of its volume fraction. If this assumption is to be made, 
it can be estimated that the as-built and age-hardened gradients have densities of 99.72% and 
99.71%, respectively. Note that these values are for the maraging steel regions of the gradients 
only, and do not apply to the stainless steel areas which were found to be free of porosity.  
 
Although it was expected that the gas porosity would be eliminated after HIPing, comparable 
levels of porosity were observed in the HIP-treated gradient. This suggests that the HIPing 
parameters must be further optimized to encourage internal pores to collapse. At present, there are 
no documented reports of HIPing laser deposited maraging steel. However, ASTM standards 
recommend that HIPing of 316L SS be conducted at 100 MPa in the temperature range of 1120 to 
1163 °C for 240 minutes [301]. This suggests that the temperature used during HIPing in this study 
was simply too low to eliminate porosity. However, it is also important to keep in mind that 
extended heat treating in this temperature range may cause undesirable changes in the gradient 
microstructure, which will be addressed further in Section 5.5. Further testing is therefore needed 
to dial in the HIP parameters and ensure that both the resulting porosity and microstructure are 
acceptable. Another means to mitigate this issue would be to use a higher quality maraging steel 
powder produced with PREP rather than gas atomization. However, complete elimination of 
porosity is still difficult to guarantee without HIPing.  
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(a) 

 
(b) 

Figure 5-24: The morphology of spherical pores in the laser deposited gradients (a), and a survey of 
the optical images used to measure the area porosity percentage.  

 

 
Figure 5-25: Series of steps followed in ImageJ to measure porosity in optical images. 
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Figure 5-26: Histograms showing pore size distribution measured in the maraging steel half of the as-

built and age-hardened gradients.  
 

Table 5-7: Results of porosity measurements in as-built and age-hardened gradients.  
 

	 As-built	gradient	 Age-hardened	gradient	
Total	pore	area	(mm2)	 0.051	 0.054	
Total	surface	area	surveyed	(mm2)	 18.34	 18.63	
Area	porosity	percentage	 0.28%	 0.29%	
Estimated	porosity	volume	percentage	 0.28%	 0.29%	
Estimated	density	 99.72%	 99.71%	

 
 
5.4.7   TEM 
 
Obtaining direct evidence of age hardening precipitates required the use of TEM at specific sites 
along the gradient. Traditional methods for TEM sample preparation were not possible in this case 
due to the non-uniform composition of the samples. Instead, focused ion beam (FIB) milling was 
used to lift out and thin foils from the material just before and just after the hardness drop. This 
was done in both the as-built and age-hardened gradients, the goals being: 
 

1. To confirm the presence of precipitates in the hard area of the age-hardened gradient 
(before the hardness drop). 

2. To confirm that precipitates no longer formed during aging in the soft area of the age-
hardened gradient (after the hardness drop). 

3. To determine whether any precipitates appear in the as-deposited material prior to aging.  
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TEM of the thinned foils was performed with a JEOL 3010 microscope1 with 300 kV accelerating 
voltage. Figures 5-27 and 5-28 show bright field images obtained from three different foils, one 
from the as-built gradient and two from the age-hardened gradient. In the hard area of the age-
hardened gradient, nanometer-scale elongated or rod-shaped precipitates are visible in selected 
regions, which closely resemble those imaged by Moshka et al. [273] in conventionally processed 
C250 after aging. The structure and chemistry of the observed precipitates could not be identified, 
however their morphology is consistent with those identified as Ni3Ti in Moshka et al.’s study, as 
well as a study on C300 maraging steel by Zhu et al. [302]. Selected area diffraction patterns from 
this region are shown in Figure 5-29. Indexing revealed that the two sets of spots visible correspond 
to the [111] and [110] zone axes of BCC and FCC, respectively. This is consistent with the 
Kurdjumov-Sachs orientation relationship expected for the austenite and martensite present in the 
steel. While a third set of spots corresponding to the precipitates may also be visible, the spots 
were too faint to identify for proper indexing. In the soft area of the age-hardened gradient (just 
after the hardness drop), no precipitates were identified, as expected. Only the characteristic “black 
spot” damage induced by Ga+ FIB milling is visible in the bright field images. The final result of 
note is that there are also no precipitates evident in the hard area of the as-built material, further 
supporting the hypothesis that no age-hardening occurs during the deposition process. However, 
no other features are visible that would account for why this area is significantly harder. 
Determining whether precipitate precursors or clustering is still present would require the use of a 
higher resolution technique such as APT, a task which must be left to future work.   
 

 
Figure 5-27: Bright field TEM images of hard area of age-hardened gradient, showing elongated/rod-

like precipitates. 

                                                
1	TEM	was	performed	at	NCEM	of	the	Molecular	Foundry,	supported	by	the	Office	of	Science,	Office	of	Basic	
Energy	Sciences,	of	the	U.S.	Department	of	Energy	under	Contract	No.	DE-AC02-05CH11231.	
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(a) 

 
(b) 

Figure 5-28: Bright field TEM images of (a) soft area of age-hardened gradient, showing no evidence 
of precipitates, and (b) hard area of as-built gradient, also showing no precipitates. 
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Figure 5-29: Selected area diffraction patterns from the area containing precipitates in the age-

hardened gradient.  
 
 
5.5   Thermodynamic Analysis 
 
Thermodynamic analysis of the maraging to stainless steel gradients was performed with Thermo-
Calc using the TCFE7 database for steels. Based on the experimental results, the following 
objectives for thermodynamic modeling were identified: 
 

1. Predict phase equilibria along the linear composition path between C300 and 316L SS, and 
compare with characterization results.  

2. Identify any chances of deleterious phase formation at intermediate compositions. 
3. Explore possible thermodynamic causes of the hardness drop observed at 30-35% wt. 316L 

SS.  
4. Predict the solidification behavior and solute redistribution along the gradient using Scheil 

simulations. 
 
All calculations were performed using the actual feedstock powder compositions, so that accurate 
levels for alloying elements and impurities were considered. In response to the large number of 
phases predicted in this system, a useful summary is provided in Table 5-8. Note that this table 
and the forthcoming results only discuss phases predicted to be stable above 400 °C. 
 
Before addressing the composition gradient, it is helpful to first examine the predictions for the 
two individual base alloys. Table 5-9 provides calculated equilibrium phase fractions and 
compositions for C300 maraging steel and 316L SS at the aging temperature of 482 °C. Both alloys 
have stable FCC and BCC matrix phases of different equilibrium compositions, in addition to  
various secondary phases. Secondary phases in the C300 were identified to be 𝜇-Fe7Mo6 and Ni3Ti  
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Table 5-8: Summary of phases appearing in Thermo-Calc equilibrium predictions of maraging to 
stainless steel gradients.  

 

Phase	 Structure	 Description	

BCC	 bcc	solid	
solution	

Equilibrium	bcc	𝛼	matrix,	stabilized	by	Cr,	Ti	and	Mo.	Does	not	represent	
martensite,	but	rather	the	equilibrium	phase	reached	after	a	 long	time	
held	at	a	given	temperature.		

FCC	 fcc	solid	
solution	

Austenite	phase	in	steels,	stabilized	by	Ni,	Co,	Mn,	and	C.		

𝝁-Fe7Mo6	 rhombohedral	 Fe-Mo	 “Mu-phase”	 intermetallic	 that	 appears	 as	 a	 an	 incoherent	
precipitate	in	maraging	steel	in	the	overaged	condition.		

Ni3Ti	 orthorhombic	 Intermetallic	precipitate	that	forms	in	martensite	during	proper	aging	of	
maraging	steel,	responsible	for	the	majority	of	the	age-hardening	effect.	
Typically	appears	as	nanometer-scale	needle-	or	rod-shaped	precipitates	
after	aging	at	~480	°C	for	4-10	hours. 	

𝝈-phase	 tetragonal	 Hard,	brittle	FeCr	sigma	phase	intermetallic	that	forms	in	high	Cr-content	
austenitic	 stainless	 steels	 during	 high	 temperature	 service.	 Forms	
preferentially	from	any	delta	ferrite	present.		

𝝌-phase	 bcc	 Ordered	intermetallic	“chi-phase”	containing	predominantly	Fe,	Cr,	and	
Mo,	known	to	 form	 in	Mo-containing	austenitic	stainless	steels	at	high	
temperatures,	leading	to	degraded	ductility	and	corrosion	resistance.	

Laves	phase	 hexagonal	 Fe2Mo	intermetallic	phase	that	occurs	in	nanometer-scale	spherical	form	
in	aged	maraging	steel.	Also	occurs	in	austenitic	stainless	steels.	after	high	
temperature	exposure.		

Ti(C,N)	 NaCl-type	
cubic	

Titanium	carbonitride,	a	nonmetallic	inclusion	causing	embrittlement	in	
maraging	steel.			

Ti4C2S2	 hexagonal	 Titanium	carbosulfide,	a	nonmetallic	inclusion	causing	embrittlement	in	
maraging	steel.			

M23C6	 fcc	 Cr-	 and	 Mo-rich	 metal	 carbide	 known	 as	 the	 most	 common	 carbide	
occurring	in	austenitic	stainless	steels.	Depletes	matrix	phase	of	corrosion	
resistant	Cr	and	degrades	toughness.		

M3P	 bct	 Fe-	and	Ni-rich	phosphide.	
MnS	 cubic	 Manganese	sulfide,	degrades	machinability	in	steels.	

 
 
(age-hardening precipitates), M3P and MnS (impurity compounds), and Ti(C,N) (titanium 
carbonitride inclusions). Ni3Mo, known to be a major age-hardening precipitate in maraging steel, 
was not identified, nor were other possible secondary phases such as the Fe2Mo Laves phase and 
𝜎-FeMo. The equilibrium result is thus consistent with the over-aged condition of the alloy, in 
which hardening Ni3Mo precipitates eventually dissolve and get replaced with incoherent 𝜇-
Fe7Mo6. In the 316L, the secondary phases include 𝜎-phase, M23C6 metal carbides, M3P, and MnS.  
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Table 5-9: Equilibrium phase fractions and compositions determined with Thermo-Calc TCFE7 
database for C300 and 316L SS at the aging temperature, 482°C. 

 

C300	maraging	steel,	482°C																																																														Wt.	%	
Phase	 %	(moles)	 Fe	 Ni	 Cr	 Co	 Mo	 Ti	 Mn	 Si	 S	 P	 C	 N	
BCC	 59.94	 81.38	 4.15	 0.02	 14.08	 0.38	 0	 0	 0	 0	 0	 0	 0	
FCC	 30.14	 55.36	 39.35	 0.03	 2.88	 2.18	 0.12	 0.01	 0.07	 0	 0	 0	 0	
𝜇-Fe7Mo6	 5.02	 35.28	 3.28	 2.44	 –	 58.99	 –	 –	 –	 –	 –	 –	 –	
Ni3Ti	 4.53	 –	 78.64	 –	 –	 –	 21.36	 –	 –	 –	 –	 –	 –	
Ti(C,N)	 0.28	 –	 –	 –	 –	 –	 80.24	 –	 –	 –	 –	 13.18	 6.59	
M3P	 0.07	 11.44	 73.36	 0.15	 –	 –	 –	 –	 –	 –	 15.05	 –	 –	
MnS	 0.04	 0.03	 –	 –	 –	 –	 –	 63.11	 –	 36.86	 –	 –	 –	
	

316L	stainless	steel,	482°C																																																																	Wt.	%	
Phase	 %	(moles)	 Fe	 Ni	 Cr	 Co	 Mo	 Ti	 Mn	 Si	 S	 P	 C	 N	
BCC	 60.78	 81.07	 4.62	 13.22	 –	 0.46	 –	 0.14	 0.49	 0	 0	 0	 –	
FCC	 25.09	 56.56	 27.87	 9.66	 –	 0.76	 –	 4.41	 0.76	 0	 0	 0	 –	
Sigma	 13.34	 44.89	 3.18	 40.04	 –	 11.13	 –	 0.76	 –	 –	 –	 –	 –	
M23C6	 0.58	 5.41	 0.16	 69.01	 –	 20.28	 –	 –	 –	 –	 –	 5.13	 –	
M3P	 0.19	 22.01	 23.49	 38.62	 –	 –	 –	 –	 –	 –	 15.87	 –	 –	
MnS	 0.02	 –	 –	 –	 –	 –	 –	 63.14	 –	 36.86	 –	 –	 –	

 
 
Equilibrium phase fractions over temperature for the two alloys are shown in Figure 5-30. The 
matrix phases and secondary phases are shown in separate plots for clarity. In C300, FCC is the  
stable high temperature phase, with BCC becoming stable below 660 °C. The results are similar 
for 316L SS, with the exception that both the FCC and BCC phases are stable just below the 
liquidus, which supports the alloy’s known tendency to solidify in a mixed ferrite-austenite mode, 
with the solidified ferrite transforming back to austenite upon further cooling. Ferrite then becomes 
stable again below 620 °C, but the alloy remains in the metastable austenite phase.  
 
In terms of secondary phases, there are two nonmetallic titanium inclusions of note in C300 due 
to their high temperature stability. The phases correspond to Ti(C,N) (titanium carbonitride), and 
Ti4C2S2 (titanium carbosulfide), which are known embrittling phases in maraging steel [303]. In 
the conventionally processed alloy, these phases are usually managed by either reducing impurity 
levels as low as possible or applying homogenizing heat treatments. In 316L SS, unwanted 𝜒- and 
𝜎-phases also become stable at relatively high temperatures. However, they are unlikely to form 
as long as the alloy is maintained in the austenite phase and does not spend prolonged times in this 
temperature range during service. In modeling the gradient path, it is important to establish that 
these known phase issues are not any more likely to manifest along the gradient than they are in 
the base alloys themselves.  
 
Phase evolution along the gradient path can be visualized by plotting the equilibrium phase fraction 
as a function of composition at various meaningful temperatures. The resulting plots, shown in  
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Figure 5-30: Equilibrium phase fractions over temperature for C300 maraging steel and 316L SS. 

The top plots show the matrix phases and the bottom plots show secondary phases.  
 
 
Figure 5-31, correspond to three key temperatures: (a) 482 °C, the optimal aging temperature (b) 
620 °C, the approximate austenization temperature of C300 maraging steel, and (c) 815 °C, the 
solution annealing temperature. Considering the matrix phases, it appears that austenite is 
universally stable along the gradient at 815 °C, while a mixture of FCC and BCC is stable at 482 
°C. At the intermediate temperature, 620 °C, austenite becomes progressively more stable with 
increasing maraging steel content, a result which is supported by steel constitution diagrams.  
 
At 482 °C, the Ni3Ti age hardening precipitate is predicted to be stable along most of the gradient, 
up to about 80% wt. 316L SS. This is much higher than the 30-35% wt. 316L SS at which the 
characterization results showed age-hardening precipitates stop forming, and supports the 
hypothesis that the drop off in precipitation hardening is due to some other indirect effect, such as 
a quality of the matrix phases or other secondary phases. However, there is also no other indication 
of a phase stability threshold anywhere near this composition range that would explain the 
hardness drop, nor are any additional phases predicted along the gradient at this temperature that  
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Figure 5-31: Equilibrium phase fractions as a function of composition along the gradient, from C300 

maraging steel to 316L SS, at 482 °C, 620 °C, and 815 °C. 
 
 

 
Figure 5-32: Equilibrium phase fractions as a function of composition for Ni3Ti and Laves phases, 

showing evolution of stability ranges with temperature.  
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are not already characteristic of the base alloys. This is no longer the case at 620 °C, in which a 
Laves phase appears at intermediate compositions. At 50% wt. 316L SS and 620 °C, the Laves 
phase is composed predominantly of Fe, Mo, and Ti (55.6% wt. Fe, 37.1% wt. Mo, and 5.7% wt. 
Ti), which resembles the Fe2Mo Laves phase observed in maraging steels. Besides this phase, the 
results for 620 °C and 815 °C show no increase in stability of any deleterious phases along the 
composition gradient.  
 
Earlier, it was proposed that the hardness drop may be related to the formation of other Ti-rich 
phases that reduce its availability for Ni3Ti precipitates. Ti-rich phases predicted in this gradient 
system include Ti(C,N), Ti4C2S2, and the Laves phase. A comparison of the Ni3Ti and Laves phase 
stability ranges is shown in Figure 5-32. As the temperature is increased above the aging 
temperature, Ni3Ti stability becomes gradually more restricted to higher maraging steel contents. 
The Laves phase is stable over ~13-74% wt. 316L SS in a rather narrow temperature range, from 
600-700 °C. It is unlikely that the prototype gradients were subjected to this temperature range for 
long enough to form the Laves phase. Furthermore, annealing at 815 °C would likely dissolve the 
phase, so any contribution to the hardness drop would be lost.  
 
Ti(C,N) and Ti4C2S2, by contrast, are high temperature phases that can theoretically precipitate 
directly from the liquid phase. Annealing at 815 °C is also unlikely to be high enough to dissolve 
these phases. Regardless of their contribution to the hardness drop, these inclusions have a known 
impact on ductility, and steps should be taken to reduce their presence along the gradient. The 
effectiveness of various methods in reducing these inclusions has been explored in detail elsewhere 
[303]. A thorough study by Shmulevitsh et al. [303] on Ti(C,N) and Ti4C2S2 inclusions in the 
context of maraging steel concludes that a combination of reducing impurity contents and 
homogenizing heat treatments is effective at decreasing the total concentration of inclusions. 
Ti4C2S2 completely dissolve in austenite at 1250 °C, and can be nearly eliminated by holding at 
this temperature for 1 hour. However, Ti(C,N) inclusions have much lower solubility in austenite 
and become increasing N-rich at higher temperatures. Their concentration can thus only be reduced 
by decreasing the nitrogen content in the steel. 
 
The remaining task to address with modeling is the solidification behavior and solute redistribution 
along the gradient. This can be tackled by performing solidification simulations in Thermo-Calc, 
in which the Scheil model can be implemented in the context of complex multicomponent systems 
and their corresponding CALPHAD databases. The Scheil calculation assumes the nonequilibrium 
conditions of infinitely fast diffusion in the liquid and zero diffusion in the solid, but does not take 
into account cooling rate. While not a perfect proxy for laser deposition, these conditions should 
provide a sense for how nonequilibrium solidification influences the final phase distribution along 
the gradient. Solidification was modeled for three compositions along the gradient: (1) 100% wt. 
C300 maraging steel, (2) 40% wt. 316L SS with 60% C300 maraging steel, and (3) 100% wt. 316L 
SS.  The results are plotted in Figure 5-33, in the form of temperature versus solid mole fraction, 
and weight fraction of elements in the primary matrix phase (FCC or BCC) versus temperature. 
Note that the temperature scales are not equivalent in each plot. In all cases, nonequilibrium 
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solidification results in significant widening of the solidification range compared to that at 
equilibrium, due to depression of the solidus temperature. Multiple secondary phases are predicted 
to precipitate directly from the liquid during solidification depending on the composition, 
including Ti(C,N), Ti4C2S2, Laves phase, and MnS. In the pure maraging steel (Figure 5-33a), the 
material solidifies in the austenite phase, and secondary phases then form as solidification 
progresses. However, further along the gradient at 40% wt. 316L SS, the results suggest that the 
Ti(C,N) precipitates from the liquid at temperatures well above the liquidus for austenite. This 
indicates that titanium carbonitrides may form appear more readily at these intermediate 
compositions, tying up Ti and making it unavailable to form age hardening precipitates. The pure 
316L SS alloy, by contrast, is predicted to solidify in the BCC phase, with austenite forming 
thereafter. MnS is also predicted to form during solidification, which is consistent with the 
intended design of the alloy. The addition of Mn encourages higher melting MnS compounds to 
form, thus preventing the sulfur from going on to form lower melting FeS that causes solidification 
cracking [219]. 
 
Solute redistribution in the solidified austenite phase can be evaluated by plotting weight fraction 
of significant alloying elements as a function of temperature within in the solidification range. The 
results are consistent with the experimentally observed microsegregation along the gradient 
presented in Section 5.4.4. For solidification in the austenite phase, the solid becomes increasingly 
rich in Mo, Ti, and Ni as solidification progresses, and depleted of Fe. Cr and Co contents remain 
relatively stable throughout solidification. The segregation of Mo and Ti to intercellular or 
interdendritic regions is of interest since it deprives the martensite that later forms of key 
precipitate-forming elements, and could thus play a role in the observed hardness drop at 
intermediate compositions. However, quantitatively, there is no indication that the extent of solute 
segregation becomes more severe at intermediate compositions along the gradient. In fact, it 
appears the segregation is most significant in C300 maraging steel itself. For the 316L SS, it is 
predicted that primary ferrite solidification will result in Cr and Mo segregating to intercellular (or 
interdendritic) regions and preferentially stabilizing ferrite.  
 
Regardless of whether nonequilibrium solidification contributed to the hardness drop, it is clear 
that its consequences are not particularly desirable in the final gradient, particularly when it comes 
to the formation of Ti-based inclusions. Since these phases have high temperature stability, it is 
not enough to simply austenize the material with an 815 °C solution anneal. The literature suggests 
that dissolution of these phases requires a higher temperature homogenizing heat treatment, in the 
range of 1150-1250°C. Heat treating in this temperature range is also likely to cause compositional 
homogenization and a loss of the solidification substructure. Since microsegregation on the cellular 
level is the sole cause of the phase distribution observed in the dual-phase region of the gradients, 
it is likely that such a treatment would dramatically modify the microstructural evolution along the 
gradient from that observed thus far. The effect this will have on the final mechanical properties 
of the gradient must be assessed experimentally before a judgment can be made on the benefits of 
homogenization.   
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(a) 

         
(b) 

Figure 5-33: Results of Scheil simulation results, showing temperature versus solid mole fraction, 
and weight fraction of elements in the FCC phase versus temperature for (a) 100% C300 maraging 

steel, and (b) 40% wt. 316L SS with 60% C300 wt. maraging steel.  
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(c) 

Figure 5-33 (cont’d): Results of Scheil simulation results, showing temperature versus solid mole 
fraction, and weight fraction of elements in the FCC phase versus temperature for (c) 100% wt. 316L 

SS.  
 
5.6   Conclusions 
 
This chapter described the development of laser deposited C300 maraging steel to 316L austenitic 
stainless steel gradients according to the approach and methods outlined in Chapter 3. Despite no 
acute incompatibilities between the two alloys, characterization and modeling revealed that the 
way in which properties and microstructure vary along the composition gradient is neither linear 
nor trivial to understand. The mechanical properties and microstructure appear to vary smoothly 
within some composition ranges and exhibit threshold behavior in others, meaning that small 
variations in composition coincide with sudden property changes. The formation of unwanted 
secondary phases, response to heat treatments, and concentration of process-induced defects were 
also determined to be composition dependent. In addition, the observed microstructures and phase 
distributions were found to be deeply influenced by the laser deposition thermal history, 
particularly the effects of nonequilibrium solidification. The following is a summary of 
conclusions that resulted from investigating these phenomena with a combination of 
characterization and thermodynamic modeling: 
 

1. Despite depositing the gradients with a stair-step composition function (~7% vol. change 
each layer), EDS measurements revealed that the actual composition varied almost 
continuously along the gradient as a result of dilution between adjacent layers. Finer 
gradation is thus not necessary to achieve a smoothly varying composition, however it can 
be useful for extending the gradient region over a longer distance in space if desired.  
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2. Based on EBSD mapping, the microstructure from C300 to 316L SS varied from fine-
grained martensite with limited retained austenite, to a fine-scale dual-phase martensite and 
austenite region, to large austenite grains. The phase distribution in the maraging steel and 
dual-phase regions was intimately tied to the solidification substructure of the material as 
a result of solute redistribution. Ti, Mo, and Ni segregated to intercellular regions and 
locally stabilized austenite, limiting the “grain” size to the scale of individual solidification 
cells. The observed microsegregation was supported by Scheil simulations of 
nonequilibrium solidification.  

3. Solution annealing at 815 °C had no effect on the gradient hardness or microstructure, 
which gives an indirect indication that age hardening precipitates do not form during 
deposition (later confirmed with TEM). While this temperature is sufficient to austenize 
the material and dissolve intermetallic phases, it is not high enough to induce compositional 
homogenization or dissolve unwanted Ti-rich nonmetallic inclusions such as Ti(C,N) and 
Ti4C2S2. Future investigation should be done on the effects of a higher temperature 
homogenizing heat treatment in the range of 1150-1250 °C.  

4. Age-hardening at 482 °C was sufficient to induce the formation of age-hardening 
precipitates in the maraging steel and achieve hardness values comparable to the 
conventionally processed alloy. However, retained and reverted austenite is also observed, 
which is generally undesirable. Whether or not the laser deposited C300 maraging steel 
itself exhibits adequate properties must be assessed with standard mechanical testing. The 
age-hardening treatment had no apparent effect on the microstructure or properties of the 
316L SS or other fully austenitic compositions, and is thus suitable for the entire gradient.  

5. Gradients in the as-built, annealed, and age-hardened conditions all exhibited a rapid drop 
in hardness occurring at 30-35% wt. 316L SS. Although the hardness drop is unlikely to 
impact the gradient’s performance, this cannot be fully confirmed unless its microstructural 
origin is understood. Before aging, the hardness drop does not coincide with any obvious 
microstructural change. After aging, hardening precipitates form in the martensite before 
the hardness drop, but not after. Although no significant changes in phase stability are 
predicted at this threshold with thermodynamic modeling, the phase equilibria and 
nonequilibrium solidification calculations suggest that the behavior could be related to key 
precipitate-forming elements, namely Ti, becoming unavailable as a result of forming 
nonmetallic inclusions and segregating to austenite-forming regions. Further investigation 
remains necessary to confirm the precise cause. More information can be gathered to this 
effect by performing a higher temperature homogenizing heat treatment on the gradient 
and interpreting its effect on the hardness drop.  

6. Impurity-related issues are noted to amplify in the intermediate compositions along the 
gradient. These include the formation of nonmetallic Ti-rich inclusions (Ti(C,N), or 
titanium carbonitride, and Ti4C2S2, or titanium carbosulfide), and solidification cracking 
due to low-melting impurities such as FeS. The former can be managed with a combination 
of decreasing impurity levels (N and S) and performing high temperature heat treatments 
(1150-1250 °C). However, the common methods for eliminating solidification cracking in 
austenitic stainless steels (ensuring the alloy solidifies in the ferrite mode and contains a 
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few percent ferrite) cannot be applied to the intermediate compositions along the gradient 
since the austenite phase becomes progressively more stable. The only way to mitigate this 
issue is therefore to maintain impurity levels of S and P to below 0.002%, which will 
require improving upon the feedstock powders.  

7. Non-negligible levels of porosity were observed in the gradient, but only in the maraging 
steel-containing areas. The pores are spherical and likely caused by entrapped gases 
originating in the maraging steel feedstock powder. HIPing at 815 °C and 101.7 MPa for 2 
hours 15 minutes was not sufficient to eliminate the porosity. In the final gradients, the 
porosity must be mitigated with a combination of HIPing at higher temperatures (1120 to 
1163 °C) and use of higher quality feedstock powders produced with PREP rather than gas 
atomization.  

8. Thermodynamic modeling with CALPHAD supports the characterization results and 
confirms that the risk of brittle intermetallic phase formation (𝜎-phase, 𝜒-phase, etc.) along 
the gradient is no greater at intermediate compositions than it is for either base alloy. The 
linear composition path between the two alloys appears to be a favorable option.  

 
To conclude, the maraging to stainless steel gradients generally exhibited favorable 
microstructural characteristics and mechanical properties, and can be considered for further 
development in an engineering application. While the gradient design itself is not in need of 
modification, the final component can be improved by further optimizing post-build heat 
treatments and hot isostatic pressing parameters. In addition, it is necessary to source higher quality 
feedstock powders that are lower in impurity contents and free of entrapped gases.  
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Chapter 6 
 

Conclusions and Recommendations 
 
Until recently, the capability to functionally grade metals with additive manufacturing has been 
limited to demonstrations of its successes with grading together similar alloys, and failures at 
joining alloys of known incompatibility. A thorough examination of the problem conducted in this 
thesis revealed that expanding the practice beyond this level requires a more systematic approach 
that considers not only the thermodynamics, properties, and metallurgy of each alloy, but also the 
influence of additive manufacturing itself on these characteristics. Building an understanding of 
how a particular alloy responds to being processed with additive manufacturing is a large task in 
itself, and grading together multiple metals quickly expands this issue to cover an entire range in 
composition space, every point along which corresponds to a new and often unexplored alloy. In 
the absence of complete modeling of additive manufacturing and its many degrees of freedom, the 
complexity of the problem could only be reined in by addressing each gradient system individually 
with a combination of modeling and experimental efforts. Once such an approach was defined, its 
effectiveness was then demonstrated through two wildly different case studies marked by non-
overlapping concerns.  
 
6.1   Conceptual Outcomes 
 
A major portion of this work’s contributions can be considered conceptual. In discussing the 
outcomes, it useful to revisit the original research objectives that were defined, and examine how 
each was addressed individually in the course of this thesis. A summary of the outcomes is 
provided below.  
 
Objective 1: Based on property data and welding literature, perform a full survey of possible 
composition gradients between commercial alloys, in order to catalogue and generalize the 
incompatibilities that compromise their joining.  
Carrying out this objective was a matter of considering each possible combination of engineering 
alloys in sufficient detail to recognize the main impediments to forming metallurgical bonds 
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between them. By organizing the information in the form of an “alloy compatibility chart” (Table 
2-5), it is now available as a resource for future efforts in compositional grading as well as 
dissimilar welding. Surveying a large number of alloy combinations also allowed for recurring 
issues to be identified and categorized into a small set of possibilities that includes intermetallic 
formation, mismatching thermal properties, and other metallurgical issues. 
 
Objective 2: Define a series of strategies to overcome these issues enabled by the unique 
capabilities of additive manufacturing processes, particularly laser deposition. 
Building on the observations and advances of others in the fields of additive manufacturing and 
welding, a set of strategies was compiled for tackling the above issues with laser deposition. Each 
compatibility issue was addressed with an analogue strategy that exploits capabilities of additive 
manufacturing that are unavailable to any conventional process. This allows for the joining of 
dissimilar metals to progress far beyond what is possible with welding. For the case of intermetallic 
formation and solubility limitations, it was proposed to build upon the work of Hofmann et al. and 
others [5, 6, 235] in using CALPHAD thermodynamic modeling to predict more favorable 
nonlinear gradient paths that can be carried out with multiple powder feeder laser deposition. A 
strategy for accommodating mismatching properties was also devised, consisting of a combination 
of smooth grading and composition-dependent adjustment of process parameters.  
 
Objective 3: Establish an interim approach for developing successful gradients based on iterative 
modeling and experimental efforts.   
The most effective approach, outlined in Figure 3-1, was found to focus on a combination of 
literature review, gradient fabrication, microstructural characterization, and thermodynamic 
modeling. Iterating on these efforts allowed the design of the gradient to be further optimized with 
each pass. Although a more comprehensive modeling approach would be ideal, it was found that 
the experimental efforts were critical for focusing the development of each gradient. Without the 
fabrication and analysis of prototypes, there were simply too many degrees of freedom to 
predetermine the critical phenomena that must be addressed with modeling. The modeling, in turn, 
allowed for much more creative approaches than were accessible with experiment alone. 
Combining the two proved to be an effective means of reducing the time required to arrive at a 
successful gradient design.  
 
In addition to meeting the above objectives, the overarching contribution of this thesis work is the 
advancement of a technique which had previously remained in the proof of concept phase. The 
gap between the initial conception of a capability and its rigorous execution can be difficult to fill. 
Rather than suspending advancement until better tools are developed, this work provides a 
procedure for developing gradients using tools that are already available to the majority of additive 
manufacturing users, allowing it to be implemented immediately for engineering applications. At 
the same time, the experimental findings demonstrate that users interested in compositional 
grading with additive must proceed with caution, and give significant attention to intermediate 
compositions, microstructures, and properties. By compiling all recent efforts made in additive 



 201 

grading and documenting the process in sufficient detail, this thesis provides a greater resource for 
future contributors than any other currently available in the literature.   
 
6.2   Experimental Outcomes 
 
Much was learned from applying the above strategies to the development of two particular 
gradients: titanium to steel, and maraging steel to austenitic stainless steel.  The two case studies 
confirmed that the issues encountered in compositional grading are truly alloy-specific. While the 
titanium to steel gradients were mainly impeded by brittle intermetallic formation, transitions from 
maraging to stainless steel came with a different set of more subtle metallurgical concerns. The 
modeling and experimental efforts directed towards each therefore took a very different focus. 
Specific outcomes of both studies were overall promising, suggesting that the gradients may be 
suitable for service following remaining development. But more importantly, the case studies 
proved to be instrumental in identifying a number of important details of additive compositional 
grading that would otherwise have gone unacknowledged. A summary of the major observations 
and lessons learned is provided below, with the intent of generalizing these issues and guiding 
future studies. 
 

• Although welding practices are a useful guide for developing additive gradients, it is 
apparent that much of the success in dissimilar welding comes from a dedication to 
minimizing intermixing between incompatible materials. While this is a reasonable 
approach for some joining processes (particularly the non-fusion variety), it is not reliable 
for full fusion additive manufacturing due to the extent of remelting that occurs between 
adjacent layers. A direct consequence of the need to fully consolidate the material is that 
all intermediate compositions are subject to form, leaving no room for “escaping” 
intermetallics that are prone to form along the gradient path. When intermetallic formation 
is a risk, identification of a favorable gradient path must be prioritized before further 
development can occur. Otherwise, the risk of cracking is simply too great. 

• Composition-dependent adjustment of process parameters is only so effective in 
accommodating large property differences between powders. Simultaneous deposition of 
powders with large differences in density and melting temperature is particularly difficult 
to manage with a single set of process parameters, and is likely to result in segregation in 
the melt pool and inhomogeneous distributions of alloying elements in the final solidified 
part. This cannot be entirely avoided, so property mismatches between powder types 
should be minimized wherever possible. 

• CALPHAD modeling via Thermo-Calc is particularly useful for predicting the occurrence 
of fast-forming equilibrium phases, as well as nonequilibrium solidification behavior. The 
predictions generally agree with observations in laser deposited gradients, despite the 
process-specific thermal history. However, its applicability is limited when considering 
diffusionless transformations, metastability, and composition ranges that lie well outside 
those associated with conventional alloy systems.  
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• Refinement of heat treatments is just as critical of a step for developing gradients as it is 
for single-alloy additively manufactured components. A compromise must be found for 
compositional gradients such that ensures no intermediate alloy experiences deleterious 
effects on the microstructural level. However, for gradients between alloys with large 
property differences, this may not always be possible, requiring the gradients to be 
developed for use in the as-deposited state.  

• Characteristics such as phase, microstructure, mechanical properties, and thermal 
properties do not vary smoothly with composition, but rather tend to display threshold 
behavior. If sharp interfaces are to be avoided, these thresholds must be identified such 
that the gradient can be extended in these composition ranges.  

• Depending on the alloy system, concentrations of minor alloying elements and impurities 
along a gradient can play a major role in microstructure, deleterious phase formation, and 
defect concentration. Whenever possible, powders of superior quality and low impurity 
levels should be used to minimize the likelihood of these effects. 

 
 
6.3   Recommendations for Future Work 
 
Overall, it is recommended that continued development of compositionally graded metals with 
additive manufacturing according to the methods outlined in this thesis be carried out in tandem 
with improvement of open source modeling tools. Of particular interest for immediate applications 
are gradients from titanium to steel, titanium to Inconel, and austenitic stainless steel to low alloy 
ferritic steel. Increasing the number of experimental case studies available will facilitate 
refinement and validation of modeling efforts, such that the length of time between prototype and 
final gradient can be progressively reduced.  
 
The most critical developments that are needed include: 

1. Creation of visualization tools for intuitive exploration of higher order thermodynamic 
systems (quaternary and above). 

2. Integration of thermodynamic and kinetic modeling with the complex thermal history 
encountered in additive manufacturing to make better predictions of phase composition for 
unexplored alloys.  

3. Better control of feedstock powder quality and defect concentration in gradient parts.  
4. Development of a more rigorous method for process parameter optimization. 
5. Increased availability and accuracy of thermodynamic and kinetic data, particularly in 

intermediate regions of composition space that lie between commercial alloy systems. 
 
Of course, in the longer term, advances also remain to be made in the fabrication process itself to 
expand beyond one-dimensional gradients. Only then can true three-dimensional tailoring of 
composition be realized.  
 



 203 

6.2   Final Remarks 
 
Many question whether additive manufacturing is “there yet”, and many more question whether it 
ever will be. Still others believe it already has been for some time. The difference seems to be a 
matter of one’s personal awareness of physical metallurgy and how critical it is for ensuring that 
an alloy will perform as planned. When the complexity of multiple materials is added to the 
equation, the question becomes: How far away are we from this capability becoming useful, and 
what will it take to get there? If the results of this thesis are any indication, the answer varies. For 
one-off applications involving a gradient between relatively compatible alloys, such as the case of 
maraging to stainless steel, the process is not much different from introducing a new dissimilar 
weld into service. Simple joints between incompatible alloys, such as titanium and steel, also show 
promise if developed through a series of modeling and experimental iterations. However, 
fabricating complex structures with dozens of alloys in a single manufacturing step is a very 
different animal, and unlikely to be worthwhile before both modeling of additive manufacturing 
and availability of thermodynamic and kinetic data are drastically improved. Effectively, efforts 
must be shifted towards the rapid development and qualification of new alloys processed with 
additive manufacturing, such that each intermediate alloy need not go through the same exhaustive 
empirical testing required currently. Fortunately, these advancements are of widespread interest 
throughout the additive community, and will continue to be addressed in the context of single alloy 
components for a long time to come. Even so, there is no telling whether the capability of additive 
grading will fully come to fruition. However, like the process of additive manufacturing itself, its 
benefits for specialty applications alone provide value enough.  
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