
Lawrence Berkeley National Laboratory
Recent Work

Title
MICROSTRUCTURE, ADHESION AND GROWTH KINETICS OF PROTECTIVE SCALES ON METALS 
AND ALLOYS

Permalink
https://escholarship.org/uc/item/32m0m75k

Authors
Hindam, H.
Whittle, D.P.

Publication Date
1982-07-01

eScholarship.org Powered by the California Digital Library
University of California

https://escholarship.org/uc/item/32m0m75k
https://escholarship.org
http://www.cdlib.org/


~, 

LBL-15004 
Preprin t e- 'd--

Lawrence Berkeley Laboratory 
UNIVERSITY OF CALIFORNIA 

Materials & Molecular 
Research Division 

Submitted to Oxidation of Metals 

MICROSTRUCTURE, ADHESION AND GROWTH KINETICS 
OF PROTECTIVE SCALES ON METALS AND ALLOYS 

H. Hindam and D.P. Whittle 

July 1982 

TWO-WEEK LOAN COPY 

This is a Library Circulating Copy 

,_, . -

which ll]ay be borrowed for two weeks. 

For a personal retention copy~ call 

Tech. Info. Division~ Ext. 6782. 

Prepared for the U.S. Department of Energy under Contract DE-AC03-76SF00098 
..._, 



DISCLAIMER 

This document was prepared as an account of work sponsored by the United States 
Government. While this document is believed to contain correct information, neither the 
United States Government nor any agency thereof, nor the Regents of the University of 
California, nor any of their employees, makes any warranty, express or implied, or 
assumes any legal responsibility for the accuracy, completeness, or usefulness of any 
information, apparatus, product, or process disclosed, or represents that its use would not 
infringe privately owned rights. Reference herein to any specific commercial product, 
process, or service by its trade name, trademark, manufacturer, or otherwise, does not 
necessarily constitute or imply its endorsement, recommendation, or favoring by the 
United States Government or any agency thereof, or the Regents of the University of 
California. The views and opinions of authors expressed herein do not necessarily state or 
reflect those of the United States Government or any agency thereof or the Regents of the 
University of California. 



" t~ ... 

0 

~~ 

MICROSTRUCTURE, ADHESION AND GROWTH KINETICS 

OF PROTECTIVE SCALES ON METALS AND ALLOYSx 
+ ' 0 

H. Hindam and D. P. Whittle 

Molecular and Materials Research Division 
Lawrence Berkeley Laboratory 

o and 
Department of ~1ateri a 1 s Science and r~i nera 1 Engi neeri nC] 

Universitv of California 
Berkeley, California 94720 

ABSTRACT 

Current understanding of the complex interrelationships between growth 

kinetics, microstructure and adhesion of protective Cr2o3 and Al 2o3 scales 

are critically reviewed. Similarities and differences in the behavior of 

these two systems are highlighted. The morphology of the alloy/scale interface 

appears to be a critical factor. Recent ideas are advanced to interpret the 

~ffect of oxygen-active elements on the development of a tortuous interface 

conducive to improved scale tenacity. 
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1. INTRODUCTION 

Alloys or metallic coatings, which are designed to withstand high tempera

ture degradation in aggressive environments, rely on the formation of a continu

ous, adherent, slowly growing oxide scale for corrosion protection. They form 

scales based principally on either Cr2o3, Al 2o3 or the least investigated,Si02 
as major constituents, thus meeting these criteria and ensuring useful life

times for alloy components. This requirement then sets certain compositional 

1 imits on the alloy active solute content which are necessary for. the formation 

of a continuous protective scale. Nevertheless, such an alloy does not 

necessarily develop a protective b~havior at the onset of the raction, nor 

indeed will it maintain it indefinitely since the constitution (morphology and 

composition) of the scale is time dependent. 

Generally, as illustrated in Figure 1, three stages are recognized in the 

oxidation of an alloy: an incipient,•transient• stage characterized by the 

simultaneous formation of the oxides of every active component; a •steady state• 

stage coinciding with the development of a protective film and governed by the 

continued growth of this continuous layer; and finally, and ensuingly accele

rated attack or •breakaway• stage. In terms of practical oxidation behavior, 

three critical factors can be identified, their relative importance depending 

on the particular application that the alloy is required to function: (i) the 

duration of the 1 Steady state• period, or time to •breakaway•, (ii) the •pre

breakaway• oxidation rate, which is essentially the growth rate of the 

protective oxide, and (iii) the •post-breakaway• oxidation rate. In most 

applications, factor (i) is most critical; hO\'Iever, it is often very dependent 

on the growth rate, morphology, composition, etc. of the protective oxide 

phase, i.e., factor (ii). 
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Although the objectives of this paper encompass those of separate, 

relatively recent, reviews on the high temperature oxidation aspects of Cr2o3 
or Al 2o3 forming alloys(l, 3), a collective treatment of available as well as 

recent data and observations, pertinent to protective growth in both systems, 

seemed necessary to further the understanding of the behavioral mechanisms. 

After defining the conditions of protective film growth and a brief review of 

relevant transport properties, typical metallographic observations are presented 

and interpreted with respect to their relevance and implication on the growth 

mechanisms. Kinetic data, which were compiled from numerous sources, are 

effectively analyzed in terms of existing oxidation models. Based on this 

treatment, fundamental and practical conclusions are deduced in relation to 

the scale growth mechanisms and alloy behavior in aggressive oxidizing 

environments. In addition to examining the similarities and differences in 

the behavior of the two systems, the interdependence of growth kinetics, micro

structure and adhesion of the scales are emphasized throughout the text. 

•' ,., 
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2. COMPOSITIONAL REQUIREMENTS 

Figure 2 is a typical isothermal section (1000°C) in the Ni-Al-0 phase 

diagram( 4). Similar data for other Cr and Al containing binary alloys are 

available: Ni-Cr-0( 5), Fe-Cr-0(6,7) and Fe-Al-0(8,9). Thermodynamic calcula

tion~ indicate that Al 2o3(10) and cr2o3(11 ) are stable in contact with alloys 

containing trace or very small amounts of Al and Cr, re~pectively. 

Although stable over virtually the entire alloy composition range, whether 

these oxide phases are able to form as continuous layers depends on the relative 

diffusion rates in the alloy and scale(l2,13), and consequently on the alloy 

bulk composition and oxygen potential in the ambient gas phase. According 

to these analyses, the minimum solute concentration, necessary for the 

establishment of a continuous film, is around 13-25 wt.% for Cr2o3 and 1-8 wt.% 

for Al 2o3 in oxygen at atmospheric pressure. 

In principle, agreement with the e~perimental observations is satisfactory. 

However, there are complicating factors, including the effect of additional 

alloy components and the presence of structural heterogeneities in the alloy. 

A finer alloy grain size(14, 15 ) and the incorporation of oxygen-active elements 

or their oxides in the form of dispersoids( 2) promote selective oxidation and 

the formation of a continuous scale at solute concentrations lower than other-

wise predicted. Several models, based on the following concepts, were evoked 

to rationalize these observations: oxygen gettering by the active elements< 16 ) 

whereby the rapid establishment of a surface oxide film reduces the oxygen 

activity allowing the outward migration of the solute to form a continuous 

layer; preferential heterogeneous nucleation of oxide at structural discontin

uities which effectively decreases the internuclei spacings( 1?), and enhanced 

solute diffusivity in the alloy due to multicomponent interaction effects( 18 ) 
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or short-circuit paths(l9 ,20 )(e.g. grain boundaries or ~ub-boundaries, disper

soid interfaces, etc .•. ). Experimental evidence substantiating or otherwise 

the last two interpretations were advanced. For instance, in situ SEM obser

vations confirmed preferential nucleation of cr2o3 at heterogeneities in 

Ni 30 Cr* and Ni 20 Cr 2 v % Th02 alloys( 2l); tracer diffusion measurements 

inferred enhanced Cr diffusivity along grain boundaries in a Ni 20 Cr alloy( 22 ) 

and sub-boundaries induced by the fine particles in a thoriated Ni alloy( 23 ,24 l, 

but was slightly reduced by small Y addition in elemental form( 25 ); determina

tion of the off-diagonal diffusion coefficients in NiCrA1( 26 ) and CoCrA1( 27 ) 

systems did not confirm the presumed role of multicomponent interaction. 

Although the factors affecting the development of continuous scale cannot 

be fully quantitatively analyzed as detailed above, there has been a number of 

empirical attempts at setting the critical composition limits. These data are 

conveniently presented in the form of •oxide maps• (28 ,29 ). Figure 3 shows a 

typical map for the NiCrAl system, displaying the composition ranges over 

which external scales of A1 2o3, Cr2o3 and NiO predominate. Typical superalloy 

and coating compositions are superimposed on the diagram. This type of oxide 

map, although empirical, helps to point the way for alloy development, 

especially when maps for different temperatures and exposure conditions are 

compared. 

*Alloy compositions are given in weight percentage except when otherwise 
stated. 
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3. POINT DEFECT STRUCTURES AND TRANSPORT PROPERTIES 

Cr2o3 and Al 2o3 .are the only thermodynamically stable solid oxides in the 

Cr-0 and Al-0 systems, respectively. Corundum (a-Al 2o3), stable at temperatures 

exceeding 950°C( 30) and chromia have an identical crystal structure consisting 

of a hexagonal close-packing of oxygen ions with the trivalent cations 

~ occupying 2/3 of the octahedral interstices( 3l). cr2o3 is essentially a semi

conductor; whereas Al 2o3 is a mixed conductor with predominant ionic disorder( 32 ). 

Although the point defect structure of either phase is a matter of conjecture, 

it is evident that they exhibit a small (Cr2o3)( 33 ), or minute (Al 2o3*)( 32 ), 

compositional homogeneity range unamenable to precise determination. Further

more, the transport properties of these oxide phases are impurity and micro

structurally sensitive. The available diffusion data for Cr 0 (34 , 37 ) and 2 3 
Al2o3(38- 41 ) are compiled ~n Figure 4. 

Oxygen migration in single Cr2o3 crystals is about 3 orders of magnitude 

slower than Cr in hot pressed fully dense compacts( 35 ,36 ) suggesting predomi-

nant cation disorder. The location of an inert marker subsequent to oxidation 

of the essentially Cr2o3 forming Ni 30 Cr alloy supports this conclusion(42 ). 

Whereas the actual cation transport mechanism is debatable, Kofstad and 

Lillerud(l) have rationalized the available data in support of an interstitial 

mode (Cr~+). Enhanced diffusivity at reduced oxygen potential( 35 ) and the 

lack of a definitive observation supporting a positive dependence of the 

oxidation rate constant on the oxygen potential in the form k a P0 l/n are 
2 

in accord with this model(l). As pointed out(l), the observed enhanced sin-

tering rates at reduced P0 (43-46 ) is also consistent with an n-type defect 
2 

model: oxygen vacancies being the minority defect. Inert marker measurements 

*Al 2o3 is used throughout the text to designate the corundum phase. 
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carried out on Ni 20 Cr alloys containing 3 v% v2o3(ll) or 2 v% Tho2<29 ,42 ) 

inferred that the relative diffusivities of Cr and oxygen are influenced by 

the dispersoids causing a fundamental change in the growth mechanism to 

predominant oxygen transport as rate controlling. 

All tracer diffusion measurements pertaining to Al 2o3 were carried out at 

temperatures exceeding the range of interest to alloy oxidation so that extra- ~ 

polation to lower temperatures is inevitable. Both Al and oxygen are mobile in 

Al 2o3 and diffuse at approximately the same rate in polycrystalline specimens. 

There is considerable disagreement between the data reported for oxygen 

diffusion in single crystals( 38 ,40 ,41 ) which was ascribed to differences in 

purity(JS), or non-equilibrium (higher) concentration of defects( 4l) (v0· 
implied) remaining in un-preannealed samples from the low P0 environment 

2 
during crystal growth or sintering. However, it is evident that oxygen 

transport is significantly enhanced by a smaller grain size( 38 ). It has been 

proposed that this accelerated boundary transport is associated with inter

stitial oxygen atoms (0~)( 47 ). Similarly to cr2o3 scales, inert marker obser

vations indicated that oxygen transport is predominant in an Al 2o3 scale 

formed on an active element containing alloy (FeCrAlY)(48 ). The latter 

conclusion was recently corroborated based on o18 tracer diffusion measurements 

in Al 2o3 scales formed on NiCrAlZr alloys<49 ). Profuse scale spallation in 

the case of undoped alloys prevented a definitive conclusion. 

For a more detailed discussion of this subject, the reader is referred to 

the recent reviews on Cr2o3 by Kofstad and Lillerud(l) and on both oxide 

phases by Kroger< 32 ). 
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4. STRUCTURAL FEATURES OF THE SCALES 

In this section, typical structural characteristics of the protective 

scales, selected from the authors• own observations as well as others, are 

presented under the following headings: (1} oxide ridge development; 

(2) scale microstructure including grain size, distribution and shape, voids 

and porosity, and filamentary growth; (3) morphology of the scale/substrate 

interface embracing the •rare earth or active element effect• .. With minor 

distinctions, these features are common to both Cr2o3 and Al 2o3 scales. Their 

development, influences on the growth rate and their implications on the growth 

mechanisms and scale adhesion or •breakaway• are particularly stressed. 

4.1 Oxide Ridge Development 

Submicron-thick Cr2o3(50) and Al 0 (51 ,52 ) films are uniform and macros-2 3 
copically structureless. However, more developed films and scales are non-uni-

... ,. 
.. ...~ 

form, exhibiting localized oxide protrusions( 50) or intrusions(53 ) or a com- ·,: 

bination of both features( 51-54 ). An illustration is given in Figure 5 for a ·\ 

Cr2o3 scale formed on pure Cr( 55 ) and Al 2o3 film on Ni 32 Al! 52 ). The thick 

ridges have an ultra-fine grain size in contrast with the adjoining, thinner, 

well oriented monocrystalline film( 52 ,56 ). The development of these localized 

growths is influenced by the orientation of adjacent alloy grains( 52 ,55 ,56 ), 

their surface substructure(5?) and consequently, by surface preparation tech-

niques (55-57). 

It was suggested that this localized scale thickening infers that grain 

boundaries act as •easy paths• for the transport of either one reactant 

(Cr( 50 ); 0 in cr
2
o/55 ,56 ) or Al

2
o

3
(51 ,53 )) or both species (Al 2o3(52 ,54 )). 

Furthermore, localized scale detachment from sub_strates with the eventual 

development of a convoluted morphology and the extensive cracking at tempera-
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ture were also attributed to preferential oxygen boundary migration( 55 ,56 ,58-62 ). 

This behavioral aspect is discussed separately in the following section. As 

reported earlier, Cr2o3 grows on Cr or its •pure• alloys by cation transport; 

nevertheless, oxygen isotope exchange measurements( 63 ,64 ) and a sulfur 

decoration technique( 65 ) inferred anion transport by mechanisms other than 

lattice diffusion. 

Random, outward nodular growths of Cr2o3 on Ni 20 Cr( 17 ), Co 21 Cr( 66 ) and 

Fe 16 Cr( 67 ) alloys, each containing 3 v% v2o3, was associated with the uneven 

distribution of the dispersoids in the alloys which were prepared by a 

•mechanical alloying• technique. This behavior was interpreted by dispersoid 

- induced hindrance to outward cation diffusion and a reduction in grain size 

conducive to a fundamental change in the growth mechanism( 17 ), as alluded to 

in the preceding section. 

4.2 Scale Microstructure 

Typical fracture sections of a Cr2o3 and Al 2o3 scales are depicted in 

Figure 6. Whilst the grain size (submicron) and shape (equi-axed} in Cr2o3 are 

usualiy fairly uniform( 68 ,69 ), considerable variation is conspicuous across 

the Al 2o3 scales{ 51-53 ' 70-76 ): the morphology gradually changes from fine 

equiaxed grains, submicron in size, at the outer interface, to coarse, few 

microns large, roughly hexagonal columnar grains extending towards the inner 

interface parallel to the growth direction. This distinct grain size variation, 

also present in thin films( 77 ), is consistent with inward oxygen diffusion if 

grain boundaries are assumed as •short-circuit• paths{ 51 ,73 ,75 ) or alternatively, 

with outward Al diffusion if the effect of grain growth is taken into considera

tion(7B). Thence, it is evident that this metallographic observation is 

equivocal with respect to establishing the growth mechanism. 
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In both instances, the characteristic morphologies are not altered by 

reactive element additions(GS,?g), although the actual grain size is signifi

cantly reduced(l?,GB,?g-sl). The preferential nucleation model~ advanced by 

Stringer et al.(ll), which accounts for enhancing selective oxidation, also 

rationalizes the latter observation in the case of formation of Cr2o3 on 

dispersoid containing alloys; albeit grain boundary pinning(79 ) by second 

phase particles dispersed throughout the A1 2o3 scale(4a,?g,a2) should be a 

significant factor in the case of this relatively more thermodynamically 

stable phase. 

Grain size distribution, as well as grain growth rate(Sl,S2,77 ) and 

structural development(J,Gl) in Al 2o3 films and scales are well documented. 

No similar data are available for cr2o3 scales, however. A quantitative 

assessment of the effect of grain boundary transport is deferred until the 

kinetic data are presented. 

Intergranular voids of various shapes and microporosity {10 rv 200 nm) 

dispersed within the grains were observed in Al 2o3 films(??). The eventual 

growth of these voids into large, isolated inner pores indicated that an 

Ostwald ripening process was operative(??). The distribution of porosity 

across the film was consistent with a model based on oxygen vacancy super

saturation and precipitation by coalescence(77 l. 

Unlike the oxygen-active element containing alloys, scales formed on the 

pure alloys exhibit filaments at the outer interface(4B,S2,59 ,68-75 >. Plastic 

deformation induced by compressive growth stresses' associated with oxygen 

inward diffusion( 48 ,74 ) or, alternatively, enhanced cation diffusion along a 

line defect in the whisker core(BJ-BG) were suggested as plausible mechanisms 

for this common observation. 
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4.3 Morphology of the Scale/Substrate Interface 

Due to the dramatic effect of active element additions( 2), the microstruc

tural details of the scale/substrate interface of the 'pure• and 'doped' alloys 

are discussed separately. 

A. PWte AR.loyJ.J 

Active element-free alloys exhibit either a relatively planar 

scale/substrate interface or a convoluted detached morphology. Scales 

formed on these alloys either crack at temperature or spall profusely 

upon cooling. Large, oxide free cavities, which may or may not be 

associated with the convoluted morphology, are consistently observed. 

4.3.1 Development of a Convoluted Morphology 

Typical micrographs, illustrating the wrinkled configuration, are 

included in Figure 7. Whereas single layer convoluted scales were usually 

observed on alloys(SG,G2,87 ,88), the formation of multilayers, inferring 

repeated cracking and healing at temperature, were also observed on pure 

Cr(SS,SG,S9). In the case of chromium containing alloys, this process is 

unlikely, except for high Cr contents(SS,SS,SS), .since the alloy interdiffusion 

coefficient(ag,go) and the diffusivity of Cr in Cr 0 (34 ,35 ,37 ) are of such 2 3 
magnitude that selective oxidation results in an appreciable chromium 

depletion in the alloy region contiguous to the interface(gl- 96 >. Upon break

down, this would normally lead to the formation of stratified scales(GS, 97- 99 ) 

consisting of the faster growing oxide of the more noble metals. In contrast, 

since diffusion in Al 2o3 scales( 38-41 ) is much slower than in the alloy(lOO), 

no significant Al depletion is anticipated, and indeed was ever detected. 

Consequently, the formation of multilayers is possible, but seldom observed. 

This might be due to the ability of the relative thin, slow growing, Al 2o3 
scales to deform more excessively without fracture than the thick Cr2o3 scales. 
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However, recent evidence indicates that plastic deformation of ~he latter is 

enhanced at reduced P0 (59 i 69 >. The intensive wrinkling of ~he Al 2o3 scale, 
2 

depicted in Figure 7(b) was observed on. FeAl alloys containing cu< 79 ). 

The original model, proposed by Rhines and Wolf(lOl) to explain the genera

tion of growth stresses in the outwardly growing NiO scale, was adopted by 

Caplan et al. (55 ,56 ) and Wood et al.(3, 60-62 ) to interpret the development 

of convoluted configurations in Cr2o3 and Al 2o3 scales, respectivel~. It is 

based on preferential oxygen migration along grain boundaries to react with 

the outward flux of cations at these locations and the consequent formation 

of •oxide within existing oxide•. Eventually, the development of large 

compressive stresses leads to localized detachment and buckling of the scale 

as reaction proceeds. However, unless an interstitial mechanism is involved, 

it is difficult to envisage any volume expansion within the oxide layer: 

fresh lattice sites are only created at the scale interfaces. 

An alternative view was proposed by Giggins and Pettit(?O) who attributed 

the phenomenon to the growth and impingement of large Al 2o3 crystals at the 

underside of the scale where localized detachment from the alloy substrate has 

occurred. These crystals form only at these locations, by aluminum evaporation 

from the substrate, and their unrestrained growth causes scale buckling. 

However, as discussed later, metallographic evidence fails to support this 

model. 

4.3.2 Cavity Formation 

The formation of interfacial cavities of various sizes (1-50 ~m) and 

shapes was first observed by Howes< 102 ,103) and substantiated later by several 

other investigators( 48 ,51 ,52 ,60-62 ,70-78 ,104 ). Figure 8 depicts the alloy/ 

scale interfacial morphology for an Fe 25 Cr and S NiA1( 52 ) which was revealed 

due to scale spallation upon cooling to room temperature. The exposed alloy 
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surface shows a number of oxide-free, slightly concave, craters having a smooth, 

occasionally thermally etched, appearance and representing areas where the 

scale and substrate were not in intimate contact at reaction temperature. 

Elsewhere, it exhibits oxide grain •imprints•, where the scale had maintained 

alloy contact. It is evident that the fractional void area can be significant. 

A favored mechanism for cavity formation is vacancy coalescence in the 

absence of effective sinks. The vacancies are generated, in excess of the 

saturation limit, by the outward cation diffusion in a p-type scale( 102 ,105 } 

(e.g. transient oxides such as FeO, CoO, NiO, etc.} or simply by the incorpora

tion of metal atoms/ions from the substrate into the scale, if the latter does 

not relax completely to maintain intimate contact with the receding sub

strate(106,107}. Another possible vacancy source, which was attributed by 

Douglass et al. (71 ,72 } as a cause for void formation in scales growing on 

a 11 oys by predominant inward oxygen transport, is the Ki rkenda 11 effect 

arising from a faster backward diffusion of the noble metal to the alloy bulk 

than the forward diffusion of the oxidizable metal to the alloy/scale inter

face. Diffusion measurements in the Ni-Al system(100} tend to support this 

model, although over a restricted range of alloy composition, specifically the 

Ni-rich side of the 8-NiAl phase field. 

The second major view of void or cavity development centers around the 

development of lateral compressive growth stresses in the scale, particularly 

if there is oxide formation within the scale itself{J, 60-62 }, as discussed 

earlier. The tendency towards the formation of a convoluted morphology results 

in localized loss of scale adhesion and cavity formation at the interface, 

especially at structural discontinuities. This effect is intensified by the 

relatively high vaporization rate of the active metal from the substrate(4B,Sl, 

52 ,70 ,102 ) which is evident in the accompanying micrographs (Figure 8). 
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Inspection of Figures 5{b), 7(b) and 9{a) indicate that neither the scale 

grain morphology nor its growth rate are affected by cavity formation or local 

detachment and the development of a convoluted configuration. The former 

observation does not substantiate the grain growth and inpingement model( 70), 

alluded to e~rlier, to interpret scale convoluted growth. In support to the 

~ latter part of the previous conclusion, it was demonstrated that the aluminum 

evaporation rate from the substrate, at the reaction temperature, is sufficient 

to sustain the observed growth rate of Al 2o3 scales( 52 ,70 l. 

The poor scale adhesion was attributed to lateral scale growth( 3,SS,S6, 
60-62 ) under the influence of stresses generated by the mechanism{ 101 ) discussed 

above or to concentration of athermal stresses aro.und the cavities<48 ,70-72 >. 

Scales formed on alloys containing active elements are tenacious or 

at least adherent to their sub~trates{ 2 ). In contrast to the pure alloys, 

they exhibit a tortuous interface due to the development of inwardly 

growing pegs*. A typical illustration is given in Figure 9(b) for an 

Al 2o3 scale formed on FelOAllHf alloy( 82 ). The growth of this type of peg 

is closely related to the distribution of the Hf02 dispersoids in the 

scale. The presence of these embedded particles as well as unreacted Fe 

inclusions in the scale offer additional support to the inward growth model 

for Al 2o3 scales on these alloys. 

4.3.3 Peg Growth Mechanism 

The present authors have interpreted(82 ) the development of such cir

cuitous interface in FeA1Hf( 82 ) and a similar morphology in FeCrA1Sc( 48 ) 

*Typical metallographic observations can be found in references: 20, 48, 53, 
60-62, 70, 73-76, 79, 82, 104, 108-112. 
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alloys by a short-circuit diffusion model involving localized enhanced oxygen 

transport in the oxide particles of the active element present in the scale. 

In addition to metallographic observations, oxygen diffusion data( 113) are 

confirmatory evidences for this model since diffusion in the highly oxygen

deficient oxides of the active elements is several orders of magnitude faster 

than in the host Al 2o3 scale. 

4.3.4 Adhesion Mechanism 

The suppression of scale detachment, its convoluted growth and the 

remarkable improvement in its tenacity to substrates, which are induced by 

active element addition, are the subject of several controversial interpreta

tions. 

Wood et al. (3, 60- 62 ) attributed the phenomenon to a change in the 

growth mechanism which is in essence similar to the model, discussed earlier, 

advanced by Stringer et al. (ll,66 ) to explain the improved adhesion and 

anomalous growth behavior of cr2o3 scales on dispersed oxide containing alloys. 

They suggested that the incorporation of Y into the Al 2o3 scale suppresses the 

cation contribution to scale growth, thus shifting the reaction from the scale 

interior to its inner interface. It is implicitly assumed that this would 

result in a significant reduction in growth stresses. In their recent review( 3l, 

they claim this is consistent with the views, and work, of Kroger( 32 ,114 ) who 

suggests that Y acts as a donor, presumably because of its large ionic radius. 

This donor activity compensates the iron acceptors in Al 2o3: Fe, and thus, 

by reducing the concentration of interstitial Al ions without markedly 

increasing that of Al vacancies, explains how Al transport outward is stifled. 

Alternatively, since the active elements inhibit cavity formation, the 

improvement in adhesion was attributed(ll, 22 ,25 ,48 ,70-72,BO,Sl,?6,1lS-118) to 

these additions (either in elemental or dispersed oxide forms) acting as 

, .. 
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efficient vacancy sinks, as originally proposed by Stringer(ll9). 

Whilst the foregoing mechanism might be operative at the incipient 

reaction stage, when the vacancy flux is at its maximum, a body ~f detailed 

metallographic evidences and the application of a microindentation technique 

by the present authors( 79 ,82 ) confirmed that •pegging• or •mechanical keying• 

is the most pertinent factor in the adhes ton of • mature sea 1 es • , as ori gina lly 

suggested by Lustman(loa). Within this context, a sample preparation tech

nique(120,121l, based on selective chemical dissolution of the alloy substrate, 

was extremely useful in revealing peg microstructural details which otherwise 

would not be discernible. Figure 9(b), referred to earlier, is a typical 

example of a deeply-etched cross section. A systematic interpretation of the 

active element-induced peggrowth mechanisms and morphologies, and their 

implications on the adhesion of protective scales are the objectives of a 

future comprehensive publication( 122 ). 

Although the subject of convoluted scale morphology and cavity formation 

is controversial with regard to whether they are the cause or results of poor 

adhesion, it is evident that enormous stresses are generated by scale growth 

and are significantly reduced by active element additions. A thorough under

standing of how the stress distribution is influenced by the morphology of the 

interface in •pure• and active element containing alloys, as well as the 

mechanical properties of films and scales, including the effect of doping, 

are prime requisites to elucidate the adhesion mechanism. 
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5. GRO~JTH KINETICS 

As pointed out in the introduction, oxidation of alloys involve three well 

defined stages. The kinetic data, reported herein and which were compiled 

from several investigations*, reflect the •steady state• stage governed by 

the growth of protective cr2o3 or A1 2o3 scales, as explicitly stated by the 

original authors. 

5.1 Pure Chromium 

Although pure chromium is not technologically important as an oxidation

resistant structural material, several investigators have studied this pre

sumably simple system to acquire a fundamental insight to the corrosion 

mechanism. With justifiable reservations, the oxidation kinetics are diffusion 

controlled at least at some stage of the reaction. Reported values of the 

parabolic rate constants are compiled in an Arrhenius plot, Figure 10, and 

the source of these data as well as appropriate annotations are listed in 

Table I. With the exception of one investigation(69 ), which was carried in 

CO/C02 mixtures of variable compositions, all others were performed .in pure 

oxygen. The lowest data points are based on thickness measurements at loca

tion~ where the oxide was apparently monocrystalline( 56 ). 

The most striking conclusion is that the growth of cr2o3, even on pure Cr, 

is far from simple. Rate constants at 1000°C for example, can differ by four 

orders of magnitude, which means that the observed scale thickness formed 

after a given exposure can vary by a factor as much as 100. Several variables 

may have contributed to the inconsistency of the various determinations, namely: 

purity of the starting metal and impurity doping of Cr2o3; formation of volatile 

*A complete reference list is given in Table I through Table IV. 
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oxide species anf finally, differences in oxidation behavior arising from 

sample preparation and exposure techniques. As the effect of the last two 

factors on the oxidation kinetics was emphasized, they are discussed below. 

Whereas the oxidative vaporization of Cr2o3 at reduced P0 (CO/C02 mixtures) 
2 

is negligible( 69 ), it becomes significant in oxygen-rich atmospheres at 

'Vl000°C(1 24 ,128-130 ). At temperatures exceeding 1200°C, a net weight loss is 

often observed during the course of the reaction. The vaporization rate is 

enhanced by the speed of the gas stream(lJl-lJJ) and the presence of atomic 

oxygen<134) or water vapor(lJS,lJ6). Various volatile species, with a general 

formula CrOx(OH)Y were detected under variable oxidizing conditions. Several 

authors have corrected their kinetic data based on Hagel's vaporization 

measurements< 125), although not necessarily using a similar experimental set-up 

or identical conditions. Others attempted to suppress volatilization by 

surrounding the'sample with Cr2o3 powder to saturate the ambient gas with the 

volatile species. In few cases, this complication was ignored entirely*. 

The effect of various surface preparation techniques (mechanical abrasion, 

electropolishing, etching, etc ... ) and, related to this, the experimental 

procedure used in initiating the reaction (hot, bare insertion of the sample, 

heating in vacuum prior to admitting the oxidant, etc ... ) have received con

siderable attention**. Presumably, specimen pre-treatment, such as hot rolling, 

annealing or mechanically working the surface are equally important. Although 

remarkable differences in oxidation behavior were attributed to a strong 

dependence of scale morphology (grain size, orientation, etc.) on surface 

treatment(SS,S6), no direct correlation was established. Generally, fine 

grained scales grew considerably faster than those composed of few, large, 
*Appropriate annotations are included in Tables I through III to indicate 
whether volatilization was considered. 

**Refer to Figure 1 and Table I for comparison of variation of reaction 
rate with surface treatment. 

\ 
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well oriented crystallites. 

As a consequence of the last factor, and an additional complicating one, 

which was discussed in the preceding section, is the often observed non-uniform 

scale growth (nodules, blisters, tonvolutions, etc.) which obviously can contri

bute very significantly to weight change measurements. Again, there is little 

correlation with experimental variables, although the grain shape, siz~ and 

distribution are clearly involved. 

5.2 cr2o3 - Forming Alloys 

Apparent parabolic rate constants for the oxidation of binary Fe-, CO-

and Ni-Cr alloys in air or pure oxygen are summarized in Figure 11 and a 

reference list and other.pertinent data are given in Table II. Since these 

measurements are based on weight change, the contribution from transient oxides 

which are often detected in the scale, is inevitable. In addition, internal 

precipitation in Cr-rich alloys might occur, although its contribution is less 

significant. Cr2o3 scales formed on alloys contain limited dissolved amounts 

of the noble metal which might modify its point defect concentration and 

consequently its transport properties. Whereas both Ni and CO have small, but 

significant solubilities in Cr2o3, Fe2o3 and Cr2o3 are compl~tely isomorphous. 

The actual amount which would dissolve in the scale depends on the alloy/scale 

interfacial concentrations which are in turn determined by the interplay between 

the diffusion rates in the respective phases, as referred to earlier. 

Comparison of Figures 10 and 11 indicates that Cr2o3 on alloys, can grow 

neither as fast, nor as slow as that on pure Cr. However, the measured parabolic 

rate constants show somewhat less scatter; the variation is only by a factor 

of 102, making the scale thickness variation after corresponding exposure times 

only 10 times. Although not apparent in Figure 11, the rate constant tends to 

increase with Cr content in a given system( 127 ); in addition, NiCr alloys show 
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less scatter than Fe or Co-Cr alloys. 

Kinetic data for active element containing alloys are superimposed on the 

scatter band for the 'pure alloys' in Figure 12. Refer also to Table III for 

compositional and other relevant information. Generally, alloys with active 

additions oxidize at a slower rate. It should be noted that Cr2o3 scales can 

grow on the active element containing alloys at a rate as slow as single Cr2o3 
crystallites on Cr. Although the curtailment of the transient oxidation period 

and the marked amelioration of scale adhesion( 2), conferred by the active 

elements, would contribute to an overall reduction in the thermogravimetrically 

determined reaction rates, metallographic evidences ascertained that growth of 

the Cr2o3 scale is actually hindered( 17 ,42 >, as discussed in the preceding 

section. 

5.3 Al 2Q3-Forming Alloys 

After a brief period of rapid oxidation, the reaction kineti'CS of essen

tially Al 2o3 scale forming alloys, including those containing reactive elements, 

were characterized by approximate parabolic laws over a relatively short 

incipient stage (50 ~ 100 hr) and subsequent monotonical decline from this 

ideal behavior over·extented periods*. Consequently, the 'apparent' parabolic 

rate constants, which are included in Figure 13, were evaluated based on weight 

change or scale thickness data at maximum exposure time using appropriate con

version factors. As with the Cr2o3-forming alloys, thermogravimetric measure

ments would include some, however more significant, effects from the transient 

oxides. However, smaller amounts of the noble metals are dissolved in the 

scale. Unlike the Cr2o3 systems and despite these reservations and the wide 

range of alloy compositions which are included, Table IV, the scatter in the 

*Refer to Table IV for specific observations. 
"\. 
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data is only about 1.5 orders of magnitude; corresponding to a variation in 

scale thickness by a factor of 4. No direct correlation between alloy composi

tion or system and growth constant is evident. Furthermore, and in contrast to 

the Cr2o3-forming alloys, the addition of active elements, although causing 

localized preferential thickening, as was demonstrated metallographically in 

the preceding section, has no sig_nificant influence on the overall oxidation 

rate. 

Variation within the scatter band, are presumably related to subtle 

variations in the grain size (and morphology) of the Al 2o3 scale, and the 

possible incorporation of dopants (~e, Mi, Co, or Cr, or active elements Y, Hf, 

Ce, Th, etc.) modifying the defect structure and transport properties. However, 

it should be pointed out that these variables are probably of .little practical 

significance. An Al 2o3 scale growing at the rate indicated at the upper limit 

of the scatter band would only by 20 ~m thick after 1000 h at 1100°C. As a 

consequence, in terms of oxide thickness, or consumption of Al from the alloy, 

this is not important~ If, however~ a faster growth rate implies an earlier 

onset 6f br~akaway (i.e., loss of protection) then it is rath~r critical. 

Although the diffusivity of the more mobile species in Cr2o3 and Al 2o3 
vary by more than four orders of magnitude, Figure 4, the minimum observed 

growth rate for both scales unexpectedly coincide, Figures 10 and 13. 

5.4 Interpretation 

In this subsection, the kinetic data for protective scale growth, documented 

in Figures 10 through 13; are rationalized by comparing the observed values with 

those calculated from independent diffusion measurements of the transport rate 

of the predominantly mobile species in the respective oxide. 

5.4.1 Cr2o3 Scales 

According to the parabolic oxidation theory( 156 ,157 ), the rational 
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growth rate constant for scales with predominant cation {Cr) transport can be 
defined as: ax 

Kr(g eq/cm. sec) = ~ Ceq [
0 

OCr .d ln a0 [1] 
al 

Pcr203 o 
where, Ceq = E W . ht , i.e. the average g eqv. of either Cr or 0 or 

q~. elg Cr203 . 

Cr2o3 in the oxide phase per cm3; a~ and a~ are the oxygen activity in the 

ambient gas and at the scale/metal interface, respective)y. 

Two defect models are considered: 
a• 

a. Vacancy Mechanism (Vcr): 

Defect Equation: 

3 x a• 2 02 = 3 00 + Vcr + a h. 

The corresponding dependence of Ocr on P0 can be expressed as: 
2 

0 P 1/n 
Cr a 0

2 

where 1/n = 2(i+a) 

b. Interstitial Mechanism (Cr~· ): 
1 

The relevant expressions are 

+ ae' 

Substituting equations [3] or [5] in [1] and integrating, noting that 
3 a0 = 1PQ; Per 0 = 5.21 g/cm ; 

2 2 3 

[2] 

[3] 

[4] 

[5] 

Kp(g2/cm4 sec.)= Kr(g eq/cm sec.) x 8(g 0/g eq) x (p(g cr2o3tcm3) 
48 

X 152 (g 0/g Cr203)' 

the dependence of Kp on P0 are derived as: 
2 pX 

Vacancy Model: Kr = ~ n Ceq D~r [(p~2)l/n- 1] 

02 

[6] 
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pX 
02 -1/n 

[1-(pr) ] 

02 

Interstitial Model: 3 i 
K r = 4 n Ceq Dcr [7] 

At 1000°C, P6
2 

Cr/Cr2o3 = 10-22 atm(158). Assuming a = 3; then 1/n = 1 ~ 
and the coefficient of either expression for Kg is 10.827. It should be 

noted that if P~ >> P6 , the last expressions are reduced to 
2 X 2 

. Po2 1/n i i 
Kp rv 10.827 D~r (pl) and 10.827 OCr' respectively. Dcr is taken as 

02 
= 0.137 exp (-61,100/RT) based on Hagel's measurements( 35 ) and Kofstad 

and Lillerud's interpretation of these data( 1). The relationships [6] and 

[7] are plotted in Figure 14 as Kp versus P0x along with the recent 
. 2 

measurements for the parabolic growth of cr2o3 on pure Cr at reduced oxygen 

potentials( 69 ). It should be noted that although for the interstitial model, 

Dcr increases as P0 is reduced, equation [5], Kp remains virtually 
2 

unaffected. Neglecting for the moment the values of the experimental 

determinations relative to the calculated ones, it is evident that the 

observed trend, specifically virtual independence on P0 , does substantiate 
2 

the interstitial transport mechanism and offer strong support for the 

recent suggestions by Kofstad and Lillerud( 1). An additional corroboration 

is that under similar conditions, alloys with suffcient Cr to form a 

continuous Cr2o3 scale oxidize at a slower rate than pure Cr which is 

consistent with the proposed mechanism( 69 ). 

Since the growth mechanism has been established, it is now possible 

to compare the experimental data with derivations based on the proposed 

defect model and independent diffusion measurements, equation [7]. This 

was carried out in Figure 15, where the ranges of values ofr the growth 

.constants on alloys both with and without additions (Figures 10-12) have 

been combined. For clarity, the individual experimental points have been 
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omitted. It is evident that the parabolic rate constants derived from 

the diffusion measurements correspond to the upper limit of the experi

mental data. Although the scales grown on pur~ Cr or its alloys exhibited 

a much finer grain size than the sintered compacts of the diffusion 

studies, boundary transport would presumably not be as significant as for 

p-type cation-defective oxides. Based on this analysis which involves 

only a single, pertinent diffusion study( 35 ), it would be premature to 

state definitively which data actually represent the diffusion-controlled 

growth of protective Cr2o3 scales. However, it is abundantly clear that 

in addition to diffusion data under well controlled atmospheres,a precise 

emperical assessment of the effect of volatilization as well as detailed 

microstructural and compositional characterization of the scales and 

sintered compacts are essential to resolve the discrepancies between the 

diffusion and oxidation kinetic data. 

5.4.2 Al 2o3 Scales 

It is not possible to make a comparison between measured and calculated 

~arab6lic rate constants, as was attempted for Cr2o3, si~ce the pressure 

dependency of transport in Al 2o
3 

is not known. Nevertheless, following Smialek(l7), 

the scale may be envisaged as a moving boundary of fixed composition, and thus, 

its boundaries follow a parabolic law and 

[8] 

where x is the scale thickness, Deff an "effective'' diffusion coefficients, and 

Kx the parabolic growth constant in terms of scale thickness. This latter 

parameter is obtained from the gravimetric constant using the density 

of Al 2o3 (3.98 g/cm3) and the ratio of weight of oxygen in A.l.,o 3 to 
3/2 Mo ~ 

weight of Al 2o3 ( 2 = 0.235). The K 's or D ff's from Figure 13 are 
MAl 0 x e 

2 3 
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plotted as a band in Figure 16. 

Since no data are available to determine whether Al diffusion is struc-

turally sensitive, the high temperature results for polycrystalline samples 

(Figure 4) are extrapolated assuming no change in the activation energy and 

they are included in Figure 16. Extrapolation of single crystal data (charac

teristic of intrinsic as well as extrinsic lattice diffusion) are shown as a 

band. Oxygen grain boundary diffusion is assessed by comparing data obtained 

from polycrystalline and single crystal materials( 77 ). An effective diffusion 

coefficient, Deff' is defined, when if grain boundaries represent the major · 

short circuit diffusion path, then 

[9] 

where DL and Dgb are the lattice and grain boundary diffusion coefficients 

respectively, and F is the effective volume fraction of grain boundaries. For 

an array of square grains, it can be shown that, 

F = 2o/GS [10] 

where o is the grain boundary width and GS is the grain size. Furthermore, if 

Dgb >> DL and F ~ 0.1, then 

'V 2oOgb 
0eff 'V GS [11] 

The vertically hatched band marked oxygen grain boundary in Figure 16 corres

pond to Deff calculated, and extrapolated, from a combination of the measured 

diffusivities in poly- and single-crystalline Al 2o3, using the lower branch of 
0 

the single crystal data. A value of o of 100 A (seems to be generally accepted) 

and a grain size of 0.1 ~ has been used. The spread of values corresponds to 

the experimental spread in the two sets of original data< 38 ,40 ,41 ). Extrapolated 

values of actual direct measurements< 159 )or grain boundary oxygen diffusion in 

Al 2o3 fall within this band. 

Finally, the fourth band on Figure 16, diagonally hatched area, correspond 

.. 
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to Deff calculated in the same manner as above, but using extrapolated data 

from the higher branch of the single crystal data (note that this also corres

ponds to a lower apparent activation energy), for which it will be recalled that 

it was suggested(41 ) that the higher diffusivities were due to a higher than 

equilibrium concentration of defects (V6") remaining in the sample from the 

low P0 environment encountered during crystal growth or sintering. The samples 
2 . 

were not annealed prior to the diffusion studies; however, the original authors 

attributed the higher diffusivities to·unintentional doping (impurities) of the 

Al 2o3 powder. The band of data come from using grain sizes in the range 0.1-5 
0 

llm; a constant grain boundary width of 100 A was used. 

It is fairly evident then from Figure 16, that the effective diffusivities 

from scale growth measurements can only correspond to a short circuit diffusion 

process (0.1-5 llffi is a typical range of grain size for Al 2o3 scales), and even 

then, only to the somewhat untypical results, supposedly characteristic of a 

high vacancy content. Smialek(ll) suggests that the Al 2o3 which grows on alloys 

also contains excess (cf. equilibrium) vacancies, as evidenced by the formation 

of pores within the growing scale. ·Elegant transmission micrographs support 

this view, with more pores forming at the oxide/gas interface where the flux of 

vacancies, due to the continually growing scale is greatest . 

. It appears reasonably conclusive, then, that some type of short circuit 

diffusion process, via grain boundaries, is responsible for the observed growth 

rates being higher than independent diffusion measurements would suggest. 

Equally it would seem that oxygen is the more mobile species, at least in fine

grained Al 2o3 scales; but it must be remembered, that the foregoing conclusion 

is based on a single determination of Al diffusivity at very high temperatures 

(1670-1905°C)( 39 >. Thus, it seems perfectly reasonable that the extrapolated 

line in Figure 9 for Al diffusion is too low, and that both Al and 0 diffusion 

may contribute to scale growth. 
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CONCLUDING REMARKS 

The close interaction between growth kinetics, scale microstructure and 

adhesion has been demonstrated. This is probably not of major importance in 

terms of the growth rate of the protective oxide, especially in the case of Al 2o3, 

since even growth at the fastest observed rate, does not correspond to a major 

loss in material in many instances. The spread of growth rates observed for 

cr2o3 scales, however, does encompass unacceptedly high rates. Breakdown of the 

protective scale, especially by mechanical spallation, is critically dependent on 

the details of the microstructure, and the ability of active element or oxide 

dispersion additions to modify this is of clear technological importance. This 

paper has defined the mechanism involved, which is essential to achieve the 

maximum benefits of these effects. 
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FIGURE CAPTIONS 

Figure 1. Schematic reaction kinetics for a protective scale forming alloy 

indicating the various stages of oxidation. 

Figure 2. Insothermal section at 1000°C in the Ni-Al-0 phase diagram, after 

Elrefa i e and Smeltzer ( 4). 

Figure 3. Oxide map for Ni-Cr-Al system, after Wallwork and Hed( 29 ). Typical 

Ni-based superalloys and coating compositions are indicated. 

Figure 4. Tracer diffusion data of the mobile species in Cr2o3 and Al 2o3. 

Figure 5. Oxide ridge formation: 

a. pure Cr, after Caplan et al.( 55 ); 

b. B-NiAl, after Hindam and Smeltzer(52 ). 

Figure 6. Fracture section of the protective scales: 

a. Cr2o3 on pure Cr( 69 ); 

b. Al 2o3 on Co-15 Cr-8 Al, after Allam( 75 ). 

Figure 7. Convoluted scales: 

a. Cr2o3 on pure Cr, after Caplan and Sproule( 56); 

b~ Al 2o3 on Fe-10 Al-3 c~(?g). 

Figure 8. Cavity formation at the scale/alloy interface: 

a. Fe-25 Cr; 

b. Co-10 Cr-11 Al~ after Allam( 75 ). 

'-

Figure 9. Effect of active element additions on the adherence of Al 2o3 scale: 

a. Fracture section of the detached scale formed on a Fe 10 Al 

1 Cu Alloy(?g); 

b. Deeply-etched section of the tenacious scale formed on a 

Fe-10Al-1Hf, illustrating the development of inwardly growing 

pegs(82). 

-- . 



Figure 10. Arrhenius plot of reported parabolic rate constants for the 

oxidation of pure Cr (Refer to Table I). 

Figure 11. Arrhenius plot of reported parabolic rate constants for the 

-35-

growth of Cr2o3 on binary Cr-containing alloys (Refer to Table II). 

Figure 12. Arrhenius plot of reported parabolic rate constants for the 

growth of cr2o3 on alloys containing active elements or dispersed 

oxides superimposed on the scatter band for binary alloys (Figure 
.. 

11). (Refer to Table III.) 

Figure 13. Arrhenius plot of reported •apparent• parabolic rate constants for 

the growth of Al 2o3 on Al-containing alloys (Refer to Table IV). 

Figure 14. Dependence of Cr2o3 growth rate on P0 . Calculated values based 
2 

on vacancy and interstitial mechanisms along with experimental 

v a 1 ue s ( 6 9 ) . 

Figure 15. Comparison of the parabolic growth constants for Cr2o3 with 

diffusion data (see text for details). 

Figure 16. Compari~on of the apparent parabolic growth constants for Al 2o3 

with diffusion data (see text for details). 
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Table I. Reference list and experimental conditions of the kinetic data 

for the oxidation of pure chromium. 

Table II. Reference list and experimental conditions of the growth kinetics 

of Cr2o3 on binary chromium alloys. 

Table III. Reference list and experimental conditions of the growth kinetics 

of cr2o3 on chromium alloys containing oxygen-active elements. 

Table IV. Reference list and experimental conditions for the growth 

kinetics of Al 2o3 on Al-containing alloys. 



Authors Symbol 

Phalnikar et al.( 123 ) 0 

TABLE I 

Atmosphere; 
P 0 (atm); 

2 
Gas Flow 

Vaporization 
.of Cr2o3 

uc 

Gulbransen and Andrew( 124) 0 uc 
Hage 1 (1 2 5) A UC but 

evaluated 

Caplan et al.(SS,SG) 

Mortimer and Post(SB) 

Cadiou and Paidassi(126 l 

Giggins and Pettit( 127 ) 

Lillerud and Kofstad( 59 ) 

• .... 
0 02; 1.0; uc 
• F lOml/min. 

0 o2; ~.0; C* 
F lOOml/min. 
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Sample Surface 
. Preparation 

~1P 

MP 

MP 

EP 
EP+E 
TGA 
TM 

EP+E 

MP+A 

MP 

MP+A 

Hindam and Whittle( 69 ) CO/C02; Insignificant MP 
10-14~10 -s 
{at 1000°C); 
0.3 em/sec. 

F = Flow; S = Static; C =Corrected; C* = Corrected using data of Ref (125); 

UC = Uncorrected; S = Suppressed; MP = Mechanically polished; 

· E = Electropolished; E = Etched; CE = Cathodically etched; A =Annealed; 

TGA = Thermogravimetric data; TM = Thickness measurement data. 
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TABLE II 

Atmosphere; 
Alloy P0 (atm}; Sample 

Composition; 2 Scale Vaporization Surfa,ce 
Authors Symbol Gas Flow Composition of Cr2o3 Preparation 

Phalnikar Co38. 3Cr * Air Exclusively uc MP 
et al. (123) Co48.5CrJfl Cr2o3 

Giggins and Ni 30Cr A 02; 0.1 Predominantly uc EP 
Pettit< 127 ) Ni40Cr y Cr2o3; Trace t~P 

NiA1 204; 
cr2o3 Int. 
Prec. 

Ecer and Ni44Cr I 02; 1.0 cr2o 3 (Ni~V2wt. UC but MP 
Meier(1 37) Ni50Cr e %); Transient evaluated 

NiO; Cr2o3 
Int. Prec. 

Espevik Ni 30Cr • Air Cr2o3 uc MP 
et al. {138) 

Hodgkiess Ni40Cr + 02; 1.0; F Cr2o3+Ni-rich s MP+CE 
et al. ( 139) Ni70Cr • Phases; Cr2o3 

(Ni'V0.5 wt.%} 
Cr2o3 Int. 
Prec. 

Moulin Ni 30Cr • 02; 1.0 Cr2o3 C* EP+A 
et a 1. { 140 ) Ni40Cr • 

Wallwork Ni 30Cr • 02; 0.13; Mainly Cr2o3; UC, Cr2o3 MP 
and Zed( 2g) F NiCr2o4+ deposits on • 

unidentified suspension 
phase wire 

Fe 1 ten tl41 } Fe25Cr 0 02; 0.13 cr2o3 uc MP 
Fe37.5Cr 0 (single phase) 



.. 
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TABLE II (continued) 

Atmosphere; 
Alloy P0 (atm); Sample 

Composition 2 Scale Vaporization Surface 
Authors Symbol Gas Flow Composition of Cr2o3 Preparation 

Francis and Fe25Cr 0 C02; Cr2o3 uc 
Whitlow( 142 ) F 0.8 em/sec. 

Tedmon( 91 ) Fe25Cr 8. 02; 0.13 Cr2o3 ( Fe2o3 . uc MP 
Fe30Cr "'¥ < 1 wt.%) 
Fe40Cr !:::.. 

Fe45Cr \1 

Fe50Cr 0 

Fe60Cr 0 

Fe70Cr 0 

Fe95Cr <> 
Wood and Fe14Cr 0 02; 1.0 (Cr, Fe)2o3 s ~1P 

Whittle(143 ) Fe27.4Cr0 (ru 2 wt % Fe) 

Ibid( 88) Fe59.5Cr8 (Cr, Fe) 2o3 
(rv 0.8 wt %) 

Mortimer FeSOCr 0 02; 1.0; (Cr, Fe) 2o3 uc EP+E 
and Post( 58 ) F 10.ml /min. (rv 2 wt % Fe) 

F = Flow; S = Static; C = Corrected; C* =Corrected using data of Ref (125); 
UC =Uncorrected; S =Suppressed; MP = r~echanically polished; 
E = Electropolished; E = Etched; CE = Cathodically etched; A = Annealed; 
TGA = Thermogravimetric data; Tr1 = Thickness measurement data. 

"' 
·' .j_ 

'f 

r{'. :~ -·. ./·,~ 

'r: ... ~ -~~ 
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TABLE I II 

Atmosphere; 
Alloy P0 (atm); Sample 

Composition; 2 . Scale Vaporization Surface 
Authors . Symbol Gas Flow Composition of cr2o3 Preparation 

Stringer and Co21Cr-3v% 02; 0.13; Cr2o3 C* MP 
Wright{GG) Y203 * F 

Whittle Co10Cr-1Ti ¢ 02; 1.0; F Mainly Cr2o3; uc MP 
et al. (144) Co10Cr-1Zr * or Air Transient CoO; 

Co10Cr-1Hf ~ Cr2o3 Int. 
Co15Cr-1Ti ¢ Pre c. 

Co15Cr-l Zr * 
Co 15Cr-lHf 0 
(Pre-oxidized 
in Cr/Cr2o3 packs) 

Giggins and Ni20Cr-2v% 02; 0.1; s Mainly Cr2o3 C* MP 
Pettit(42 ) Th02 • 

Davis Ni33.7Cr- 02; 0.2; cr2o3 UC but MP 
et al. (145) 

1Th02 • F12cm/sec. evaluated 

Stringer Ni20Cr-3v% 02; 0.13; Essentially MP 
et al. {17) 

Y203 • F Cr2o3; Trace 
Ni20Cr-3v% NiCr2o4 

Ceo2 • 
Wright Ni20Cr-3v% 02; 0.13; Cr2o3; Trans- uc MP 
et al. {146) 

Y203 • F ient NiO, 
NiCr2o4 

·-

~li che 1 s ( 147) "" Ni20Cr-0.04 Air; Cr2o3; Trace uc MP 
v2o3 A F 0.42cm/sec NiO, NiCr2o4 

Ni20Cr-0.02 
La2o3 ~ 

Ni 20Cr-1. 27 

Li 20 • 
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TABLE III (continued) 

Authors 

Fe 1 ten (141 ) 

Francis and 
Whitlow(142 ) 

Alloy 
Composition 

Symbol 

Fe25Cr-1Y 8 

Fe37.5Cr-1Y~ 

Fe25Cr-1.6La8 

Fe25Cr-1.8Gd0 
Fe25Cr-1.8Dy6 
Fe25Cr-1. 9Er\7 

Fe25-1Y t::J 

Atmosphere; 
P0 (atm); 

2 
Gas Flow 

02; 0.13 

; 

C02; 
F O·.Bcm/sec. 

Wood and Fe27.7Cr-0.8YO o2 
Boustead< 148) 

Wright and 
Wilcox( 67) 

Fe16Cr-3v% o2; 0.13; F 
v2o3 0 

Fe18Cr-O .1 Y 0 

Fe16Cr-O. 5ZrO 

Goncel Fe14Cr-1Hf0 o2; 1.0; F 
et al. (149 ) Fe14Cr-1Ti 0 

Fe18Cr-1Hf 0 
Fe18Cr-1Ti 0 
Pre-oxidized 
in Cr/Cr2o3 
Packs 

Scale 
Composition 

Cr2o3(v2o3 
+ YCr03) 

Cr2o3(v2o3 
+ YCr03) 

Cr2o3(La2o3 
+ LaCr03) 

Cr2o3(Gd2o3) 
Cr2o3(Dy2o3) 
cr2o3(Er2o3) 

Cr2o3(Y 2o3 
+ Y-rich 
Int. Prec.) 

Vaporization 
of cr2o3 

uc 

uc 

Cr2o3 (Fe~.5 S 
wt%, Y~.6 wt 
%); Y-rich 
Int. Prec. 

Cr2o3(Hf02 UC 
dispersoids 
or Ti02 sub
surface layer) 

-41-

Sample 
Surface 

Preparation 

MP 

EP+CE 

MP 

MP 



TABLE III (continued) 

Authors 

Alloy 
Composition 

Symbol 

Atmosphere; 
P0 (atm); 

2 
Gas Flow 

Nagai 
5 

) Fe20Cr-1Y2030 Air 
et al. ll 0 

Scale 
Composition 

Vaporization 
of Cr2o3 

Cr2o 3 (~3.3 wt UC 
% Fe2o3 + 
~.43 wt % 

Y203) 
Cr2o 3 (~2 .} wt % 

Fe2o3 + 0.33 wt % 

La2o3 ) 

-42-

Sample 
Surface 

.Preparation 

MP+A 

F = Flow; S = Static; C = Corrected; C* =Corrected using data of Ref (125); 
UC = Uncorrected; S = Suppressed; MP = Mechanically polished; 
E = Electropolished; E = Etched; CE = Cathodically etched; A =Annealed; 
TGA = Thermogravimetric data; Tt4 = Thickness measurement data. 

.. 
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TABLE IV 

Alloy Atmosphere; 
Composition P0 (atm) Scale 

Authors Symbol 2 Composition Remarks 

.. 
Giggins and Co25Cr6Al 0 Air Al 2o3(Transient TGA and TM 
Pettit(lO) Ni 16Cr6Al • NiO,CoO,NiCr2o4, Approximate 

Cocr2o4) Parabolic 
Co25Cr6A 1-0 .1 Y ~ Al 2o3(v2o3, Kinetics - 100 
Ni16Cr6Al-0.1Y~ YAl03) hr. 

Tien and Fe25Cr4Al 0 o2; 0.1 or Al 2o3(Transient TGA 
and Pettit(4B) Air Cr2o3) Parabolic 

Fe25Cr4Al-O.Ol Kinetics 'V24hr 
'V1% y • Al 203(YAl03) 
Fe25Cr4Al-0.2Sc~ Al 2o3(sc2o3 

Golightly Fe27Cr4Al 8 02; 1.0 Al 203(Fe+Cr TGA 
et al. (GO) Fe27Cr4Al-O. 02 < 1 wt%) - 'V 24 hr 

'V 0.8Y 

Amana Fe20Cr4Al ~ Air Al 2o 3 (~e02 ) TGA 
et al.(151) Fe20Cr4Al(O.Ol, Parabolic 

0.04, 0.4 Ce) Kinetics 100 
hr. 

Smialek(5l) Ni25Al 'V Air Mostly Al 2o3 TM 
Approximate 
Parabolic Kine-
tics 'V 100 hr 

Kuenzly and Ni 13Al •• Air Al 2o3 TGA 
Douglass (7l) Ni13Al-0.5Y NiA1 2o4(v3Al 5o12 , Approximate 

v2o3,YAl03) Parabolic Kine-
tics after a 
brief stage 
'V 50 hr 
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TABLE IV. (continued) 

Alloy Atmosphere; 
Composition; P0 (atm) Scale 

Authors Symbol 2 Composition Remarks 

Pettit(152 ) Ni25Al 0 02; 0.1 A1 2o3 only TGA .. 
Parabolic Kine-
tics "' 20 hr 

Hindam and Ni32Al 0 02; 1.0 Al 2o3 (rv0.5 Ni) TM 
Smeltzer( 52 ) Non Parabolic 

Kinetics "' 15d 

Giggins and Ni5Cr6Al 0 02; 0.1 Al 2o3(trace dis- TGA 
Pettit( 153) Ni20Cr6Al• solved Cr) Parabolic Kine-

tics "' 20 hr 
-- ,,;.: 

Kahn et al. (154) Ni14Cr24Al-(O- Air A1 2o3(Zr02) TGA 
1.13)Zr (:) Parabolic Kine-

tics "' 200 hr 
Kumar et al. (72) Ni 10Cr5Al A Air Al 2o3 TGA 

. . 

Ni 10Cr5A 1-0. 5Y A NiA1 2o4(NiO,Y2o3 Non Parabolic 
YAl0 3, Y3Al 5o12 ) Kinetics.rv 60 

Ni 10Cr5Al ~1 Th A NiA1 204(Th02) hr. 

Felten and Pt6Al 0 CO/C02 = 1.3 Al 2o3 TM 
Pettit< 53 ) · Parabolic Kine-

tics "' 100 hr 
Deviation 
> 100 hr. 

Sheasby and Pt22Al Y Air; 0.15; Al 2o3 TGA 
Jory(54) F 

Wukusick and Fe25Cr4Al-1Y8 Air; 1.0; S Al 2o3(v2o3) TGA 
Co 11 ins { 155 ) .., 

F = Flow; S = Static; TGA = Thermogravimetric data; TM = Thickness measurement 

data. 
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Figure 2. 
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