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r--------- LEGAL NOTICE -------­
This report was prepared as an account of work sponsored by the 
United States Government. Neither the United States nor the Depart­
ment of Energy, nor any of their employees, nor any of their con­
tractors,' subcontractors, or their employees, makes any warranty, 

, express or implied, or assumes any legal liability or responsibility for 
the accuracy, completeness or usefulness of any information, appa­
ratus, product or process disclosed, or represents that its use would 
not infringe privately owned rights. 
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properties found in the 2% Si DFM steel are attributed to the following 

features; fine, fibrous and discontinuous distribution of martensite 

particles in a ferrite matrix, optimizing the properties of the consti­

tuent phases, and maintaining a high degree of coherency at the a/marten­

site interfaces. 

It is found that the impact properties of the various DFM 

steels (Fe/X/O.l C) are strongly influenced by the connectivity, carbon 

concentration, and volume fraction of martensite. Yield strength is 

determined by the flow stress of the ferrite, and is not affected by the 

strength of martensite while ultimate strength is sensitive to the mar­

tensite strength. 

The effects of the structural parameters on controlling the 

strength-ductility balance are described, and their role during the de­

formation process characterized, From this study the origin of the 

desirable properties found generally in DFM steels is suggested to depend 

on the following: i) high purity of the ferrite matrix, ii) Both strong 

and tough martensite as a second phase constituent, iii} Equal elastic 

constants, and iv) good coherency at the a/martensite interface, 

Finally, high resolution electron microscopy is presented in the last 

section, and demonstrates that lattice imaging technique can be success­

fully applied to phase transformation studies in steels, 
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I. GENERAL INTRODUCTION 

A number of factors have triggered intensive development pro-

grams resulting in the introduction of new steel compositions and pro-

cessing techniques. The need for higher strength steels with good form-

ability in transportation industries to achieve weight reductions and 

fuel savings as well as today1s energy and resource conservation require-

ments are among the factors generating strong incentives to produce 

better steels than those in general use minimum penalty. 

Pursuant to these increased requirements, the alloy design 

trends for structural applications have focussed attention on the detail-

ed physical metallurgy of low-carbon, low-alloy s,1 thus enabling 

exploitation of the~r potential strength with 11 i ty. As an 

outgrowth of this movement, for example, the hot roll low carbon s 

which, in the past, have been able to 11 material requirements 

the majority of structural applications are progressi y being replaced 

by high strength, low-alloy (HSLA) steels. The principal strengthening 

of these HSLA steels is derived from precipitation of fin y dispersed 

alloy carbides and grain refinement. 4 The manufacture such HSLA s 

are, however. associated with some economical problems discu else-

where (e.g .• ref. 5). Further. the"ir overall mechanical properties are 

always satisfactory for many applications (e.g .• formability), 

The search for an alternative has spurred the recent develop~ 

of duplex ferri c-martensitic (DFM) 
6 <1 L! 

s. r These are a new 

ass of HSLA steels whose approach to strengthening contrasts markedly 

s 
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with microalloyed HSLA steels in chemistry as well as processing tech­

nique. Interest in the DFM steels has arisen since: 

(1). The required composite microstructure can be produced solely 

by simple heat treatment. 

(2) A wide range of attractive strength and ductility combinations 

are obtainable. 

(3) Carbide forming elements as in commercial HSLA steels are not 

required. 

The major source of strengthening in the DFM structure arises 

from the incorporation of inheritantly strong martensite as a load carry­

ing constituent in a soft ferrite matrix which supplies the system with 

the essential element of ductility. 

Undoubtedly, the occurrence of DFM aggregates is one of the 

oldest phenomena in the history of martensitic transformation in steels 

since these mixed microstructures are produced as an unavoidable conse-

quence of incomplete austenitization and/or lack of sufficient harden­

ability. In this regard, earlier investigators, Carpenter and Robertson15 

(1939), and Herres and Lorig 16 (1945) considered the two phase aggregates 

to be undersirable microstructural features rather than potential strength­

ening devices in low carbon steels. The idea of the DFM structures as 

possible materials of technological interest was first recognized by 

Cairns and Charles1? (1967) who produced controlled microstructures of 

elongated regions of martensite in a ferrite matrix either synthetically 

or by a combination of cold deformation and rapid reheating. However, 

this technique suffers from various disadvantages 1? and the resultant 
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mechanical properties were no better than could be obtained from suitably 

heat-treated alloy steels. In contrasts Grange18 utilized the phase 

sformation occurring in the two phase (a+y) range in Fe C phase 

diagram to obtain fibrous mixtures of martensite and in various 

carbon steels by thermomechanical treatments. Again, the processing tech-

nique is complex and only limited success in improving mechanical prop-

ies was achieved. 

The most attractive aspect of DFM structures that have very 

ly been developed is the capability of optimizing the ever con-

ing property requirements of strength and ductility. contingent 

upon a favorable choice of alloy composition and s1ng. 10 ,19 Apart 

from these interesting mechanical properties, is a general 

lack of fundamental understanding of their origin and c istic 

lor of the DFM system, For i , pa ing the resul 

mec nical property tests generally made little direct ion with 

plex microstructures, except with the occasional i usian an optical 

micrograph af the DFM al1oys.116.117 This lack of a coherent mic 

re-property relationship is due in part to t complexities of the 

ical behavior of the two phase materials as well a intri 

in ions of parameters su as the size, di bution. and 

lume fraction of martensi particles. These and the other important 

llurgical factors must be character; and controll in design; 

DFM alloys such that they favorably contribute in to the 

overall mechanical properties. 
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Therefore, this investigation was undertaken to provide phys-

ical insight to the design and character; on of DFM alloys as well as 

an understanding of the principal strengthening mechanisms involved. The 

first two parts will be primarily concerned with the selection consider­

ations utilizing the first principles of the microstructure-property 

relationships. This is aimed to obtain desirable duplex microstructural 

characteristics that produce improved mechanical properties by simple 

heat treatment alone. The last part will deal with high resolution 

electron microscopy (lattice imaging) which was used, in conjunction 

with conventional TEM, to assist the characterization of the duplex 

microstructural constituents at the atomic level, and to estimate 

solute concentration from precise lattice parameter measurements. 
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the specific strengthening mechanism governing a two phase material is 

determined by the size and morphology of the second phase. However 9 one 

thing that is common in the nature of two phase materials is the way in 

which the second phase particles enhance the strength of the composite 

system, i.e. they exert constraints upon the matrix. Accordingly, upon 

deformation, the material in their neighborhood is restricted from elon­

gating freely, resulting in an increase in shear stresses to proceed fur­

ther deformation. Thus the characteristic mechanical behavior of the 

composite include early and fairly extreme work hardening rates which 

suppress mechanical instability as well as a considerably greater flow 

stress than that of the pure matrix. While the better engineering prop­

perties of the strong particles are utilized in this way, the effect of 

some of their less desirable features 9 such as brittleness, is simultan­

eously mitigated by the presence of a ductile matrix that binds the par­

ticles together. 

It is important to emphasize that the strengthening mechanisms 

by which plastic deformation of a composite occurs, and the way in which 

its special features are exploited to achieve the best balance of strength 

and ductibility~ depend on the specific system under consideration. In 

what follows, we will consider the two phase mixture rule and selection 

guidelines for a two-phase system with particular reference to DFM steels. 
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B. Two Phase Mixture Rule 

Most experiments and theoretical analyses have been performed 

in composites containing either unidirectionally aligned fibers or very 

finely dispersed particles. Thus the understanding of the principles 

and practical utilizations of these two well defined composites have 

been fairly well established, and comprehensive reviews on the subject 

r in the literature~O,23,27-29 In the case of randomly oriented 

coarse two phase structures, however, current understanding of their 

mechanical behavior is far from complete. 3D Duplex structures of this 

kind occur in many technologically important alloys, and thus have re-

ceived much attention in the past. As a result, much concerning 

their mechanical properties has been reported in the literature. 6,lD,24, 

31-33 M h f th .. 1· 1 d t h uc 0 e emplrlca eVl accumu ate to sugges stat, 

in spite of the absence of an exact theoretical explanation, the strength-

ening of the duplex alloys can be predicted with reasonable accuracy by 

the mixture rule of the form6,lO,31-33 

(1) 

where the subscripts c, f, m refer to composite, second phase particles 

matrix, Vf is the particle volume fraction, Gf is the ultima ten­

sile strength of the particles, and Gm is the stress carried by the 

x when the composite is strained to its ultimate tensile stress, 

a strict sense, the equation (1) holds only for describing the mech-

a.nical behavior of unidirectionally aligned, continuous fiber compos; 

assuming that the fibers and matrix are well bonded and the fiber strain, 
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matrix strain and composite strain are all equal. 

c. Selection Principle~ 

In adding second phase particles to ductile matrices, ductility 

is usually sacrificed for strength. The implication of the mixture rule 

is that the loss of ductility is proportional to the volume fraction (V f ). 

However~ one can imagine many duplex distribution of martensite particles 

that, when properly spaced in the DFM alloys, will result in not only 

strengthening but also leadingtominimizinglossinductility. This goal 

can be achieved by proper control of parameters such as the size, shape, 

and distribution of the martensite particles, and the properties of the 

individual phases. The following guidelines for developing desirable DFM 

structures are thus suggested: 

(1) Optimum volume fraction: The volume fraction (V f ) of the 

martensite particles plays a major role in the control of mechanical 

properties of DFM alloys. Vf must exceed the lower limit below which sub­

stantial contribution to strengthening does not occur. At the same time 

Vf must be less than the upper limit beyond which the failure of the par­

ticles immediately leads to the failure of the duplex structure. In other 

words. if the fracture of one particle occurs at some weak point. it will 

cause stress to be transferred back to the matrix near the particle break. 

This local stress intensification will cause other particles to fracture 

in the same cross section. 34 This process may be eliminated if Vf is in 

the optimum range so that the matrix can work harden locally and carries 
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the transferred load. In addition, the alloy system must be chosen such 

that a slight temperature variation during heat treatment should not 

significantly alter Vf so as to ensure reproducibility of the materials. 

(2) Size and shape factors: Finer scale of the substructure 

and fibrous particles are desirable. If martensite particles are suffi­

ciently small (on the order of a ~ or less), and if the spacing of the 

icles is such that the yield of the matrix is controlled by the micro-

mechanistic model instead of a fiber loading concept, then an increased 

yi d stress of the matrix coupled with an increased rate of work harden­

ing is expected to be observed. 35- 36 With regard to shape factors, load 

transfer is most efficient when particles are present in the form of fibers 

her than spheres. This is primarily because the transfer of load occurs 

by shear action along the particle/matrix interfaces34 and, for a given 

volume fraction and the same number of particles, more interfacial area is 

available in the case of a fibrous morphology. 

(3) Distribution: Discontinuous oarticles in a continuous , 

matrix. Practical considerations argue that unidirectionally aligned mar-

tnesite particles throughout a ferrite matrix can not be produced by simple 

treatment alone. It is more likely that a mixture of macroscopically 

y oriented DFM structure will be obtained, thus resulting in iso­

ic mechanical properties. This is desirable in a sense that for most 

ineering materials at lea partial isotropy will be required. DFM 

cructures where the particles are connected throughout the matrix should 

avoided since they will be directly loaded at their ends. This will 
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cause the particles to break in the early stage of plastic deformation 

and prevent the ferrite from contributing its full ductility. 

(4) Carbon content: Must be kept sufficiently low. Inherently 

strong martensite is a diffusionless transformation product of carbon en­

riched austenite. Hence, the average carbon content in the initial alloy 

should be kept sufficiently low to maintain a carbon level of about 0.3 

pet, in austensite, resulting in dislocated martensite. The higher carbon 

content can drastically deteriorate the toughness of martensite. 37 

(5) Microstructural features: Undersirable carbides should 

be avoided, As aforementioned, stress in the continuous matrix is trans-

ferred to strong particles by the shear action at the particle/matrix 

interface. As a consequence, the nature of the interface and nearby micro­

structural features are of critical importance,38 Since the composition 

of DFM alloy under consideration is essentially low carbon and low alloy, 

the resultant lack of sufficient hardenability may cause a pearlitic re­

action with Fe3C formed during quenching from y to martensite. These car­

bides, if any, will be located near the interface where stress concentra­

tions can originate formation of cracks within the carbides, eventually 

leading to complete failure of the specimen, 

(6) Nature of interfaces: High degree of coherency, A high 

energy interface is more likely to fail under stress than a low energy one, 

since the interfacial energy can supply some of the work of separation of 

particle from the matrix. Ideally, therefore, the martensite/ferrite 

interface should have good atomic fit. 



D. Processing and Choice of Alloying Elements 

The considerations above suggest desirable microstructural char­

acteristics of a DFM steel that is both strong and ductile. The most di 

ficult challenge will be to produce DFM steels with these considerations 

for a sufficiently small cost premium to make them economically competi­

tive. As is quite common practice in designing alloys, we start with 

simple ternary FejXjC alloys prior to advancing to a more complex system. 

The success achieved will then depend largely on a favorable choice of an 

substitutional alloying element, X, and processing. 

f!'5Jcess i ng: 

The production of the controlled amount of martensite in a fer­

ri matrix can be done using many different heat treatments (e.g.! Fig. 

lL all of ItJhich involve phase transformation in the (a+y) region. 

Choice of the specific heat treatment will be dependent on the alloy com­

position, property requirements, and production capabilities. 

Of particular interest is the intermediate quenching treatment 

(Fig. la) of which details are described in section III-S-2. The treat-

ment was developed so as to fully exploit the cha ic nature of 

initial martensite structure prior to subsequent annealing in the (a+y) 

i.e., (i) it provides sufficient heterogeneous nucleation s1 

austenite (martensite at room temperature) during two phase annealing, 

(ii) parallel laths of extremely small width within a prior au 

in can be utilized to produce a fine, fibrous distribution of martensi 

in a ferrite matrix. Moreover, these advantages allow ease of control of 

the size, distribution, and shape of the martensite particles depending 
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on the amount of type of the alloying element x. 

Alloying Elements 

Metallurgical knowledge accumulated to date on the behavior of 

alloying elements suggest that silicon is one of those which most favor-

ably controls the design parameters of interest here, e.g., 

(1) Silicon broadens the (a+y) range39 when added to Fe-C system, 

thereby facilitating practical control of the martensite volume 

fraction. 

(2) Promotion of a fine, fibrous distribution of martensite in a 

t ' f 't t' 40 con lnuous errl e ma rlX. 

(3) Improvement of the a/martensite interface by inhibiting the 
41 formation of coarse carbides during the final quench. 

(4) Provision of very effective solid solution strengthening in 

the ferrite, 

(5) Low cost and availability. 

In addition to the choice of silicon as an substitutional alloy-

ing element, toughness of martensite requires that carbon content of a 

Fe/X/C alloy be about 0.1 wt. pet. so as to produce dislocated martensite 

in the DFM alloys with 20 ~ 60 pct. volume fraction of martensite. 
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III. STRUCTURE AND MECHANICAL PROPERTIES OF 
DUPLEX Fe/X/O.I C ALLOYS 

A. INTRODUCTION 

The selection considerations in the preceding section outline 

the principles involved in the development of DFM s. The composi-

on, Fe/Si/O.l C, and duplex treatment were chosen so as to produce 

irable DFM structures which in turn will result in irable mechanical 

properties. The DFM Fe/Si/C alloys have also been studied independently 

by Nakaoka et al. 117 ,118 However, the published works do not appear to 

take into account the desirable macro- and microstructural morphologies. 

This section will establish the duplex microstructure-property relation-

ips with particular emphasis on a fundamental understanding of its mec 

anical behavior. For this purpose and also to assist in ing the va-

lidity of the design principles. a series of Fe/Cr/O.l C steels were also 

investigated for comparison with the structure and mechanical properties 

silicon containing DFM steels. 

S, EXPERIMENTAL PROCEDURE 

1. Material Preparation 

The materials u in is investigation were received in the 

forms of hot forged round bars and plates. The composition of alloys are 

1i in Table I. The steel alloys were prepared and provided by Daido 

Company~ courtesy of Dr. Asada. The alloys were melted in a vacuum 
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induction furnace. The ingots were then forged at 1000 ~ 1100a C into 

15 mm diam. rods and 25 mm x 65 mm plates. They were sand-blasted, homog­

enized at 1200°C in vacuum for 20 hours and subsequently furnace-cooled. 

Chemical analysis was done for several elements before and after homog­

enization. Except some loss in carbon (of about 0.05 wt. pet.), there 

was no loss of any other elements. The carbon contents given in Table I 

were measured after homogenization. Otherwise, the results of the chem­

ical analysis were virtually the same as those given by the supplier. 

Round tensile and Charpy impact specimens were obtained from the homog­

enized rods and plates, respectively. The orientation of the Charpy 

impact specimens with respect to the long direction of the plate is shown 

in Fig. 2a. 

2. Heat Treatment 

The heat treatment to produce controlled DFM structures consists 

of austenitizing and quenching to 100 pct. martensite, followed byanneal­

ing in the (o,+y) range as shown in Fig. 3. By holding in the two phase 

range, martensite transforms pa ial1y to austenite and the residual mar­

tensite becomes ferrite as the two phases attain the composition specified 

by the tie line corresponding to the holding temperature. The alloy will 

then consists of low carbon ferrite (a) and higher carbon austenite (y). 

Upon quenching, the austenite transform to martensite (strong phase), and 

the ferrite becomes heavily dislocated due to plastic deformation as a 

result of the austenite + martensite transformation strain. This struc­

ture has been confirmed by transmission electron microscopy (see Fig. 19). 
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The heat treatment was done so as to control the morphology of 

the duplex microstructural constituent, which is strongly influenced by 

the SUbstitutional solute (X). as will be shown later. The heat treat-

ment, hereforth described as "intermediate quenching treatment!! or "dup"]ex 

treatment", offers a wide range of possible martensite volume fractions 

depending on the annealing temperature and time in the (a +y) range, for 

a given alloy composition. 

Austenitization and two phase annealing of round tensile blanks, 

oversize Charpy impact specimens and TEM specimens were done under an 

argon atmosphere. Austenitizing treatments for Cr and Si steels were 

performed at 1100°C and 1150°C for 1 hour respectively. and suitable hol 

ing time in the (a +y) range was determined to be 20 min. for all the 

specimens. After heat treatment in each step. the specimens were quenched 

into agitated iced brine or, in a few instances, they were water quenched. 

Tempering of fully martensitic, and selective duplex alloys was accom-

plished by immersion in a neutral salt bath kept at a ired temperature, 

i.e., 200" C, 4000 C, and 6000 C. The temperature was controlled within ± C. 

All specimens were directly water quenced from the tempering temperature. 

3. Mechanical Testing 

(i) Tensile Tests 

Tensile properties were determined using the 1 in. gage round 

·1 . f 11 . ASTM . f· t· 113 T . h d Sl e speclmens~ 0 oWlng speCl lca lon. wo lnc gage roun 

imens were also used only when comparison with the tensile properties 

of commercial steels was made. Tensile tests were performed at room 
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temperature in an Instron machine with a cross-head speed of 0.05 cm/min 

and full scale load of 1000 Kg. During testing, uniform elongation was 

continuously monitored by measuring the distance between two fixed points 

using an optical magnifier. This method has proven to be more accurate 

than that using the extensometer whose output is fed into the chart drive 

system of the Instron control console. Measurements of each gage section 

before and after testing were accurately determined using an optical mi­

croscope equipped with a Vernier translating stage calibrated to 0.001 in. 

The values of tensile properties reported are averages of at least three 

tests. 

(ii) Charpy Impact Testin~ 

The standard and 3/4 subsize Charpy V-notch specimensl14 were 

used for the Charpy tests. The impact tests were conducted on a Universal 

Impact Machine with a 120 ft-lb capacity. Low temperature tests were per­

formed following the ASTM-23-72 specifications. 114 Zero and sub-zero 

temperatures were controlled within ±3°C using mixtrues of ethyl alchol 

and dry ice. 

4. ion Measurements 

To roughly assess the ranges of the (a+y) and y phase fields, dila-

tometric methods were used, and y start temperature, As and y finish tem­

perature, Af , were determined, A sketch of the specimens used is given in 

Fig. 2b. The heating rate employed in this study was approximately 1~ 

C/sec and was controlled using a programmable temperature controller. 
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The specimen's quenching rate was controlled using a Datatrek program 

whereby the Ms and Mf temperatures were thus determined. 

5. Microscopy 

(i) Optical Metallography 

Samples for optical metallography were cut from tested tensile 

impact specimens. They were mounted in coldmount and ground on suc­

cessively finer papers 0 to 600 grit and then polished on a one micron 

diamond abrasive wheel lubricated with kerosene. In these metallogrphic 

investigations the standard etchants. 2% nital and 5% nital. were used to 

reveal the duplex microstructural constituents. The volume percent of 

martensite particles was determined by standard quanti 

using the linear intercept method. 115 

(ii) Transmission Electron Microscopy 

ive metallography 

The alloys used in this investigation have limited hardenability 

to the low carbon content. Consequently. samples of di thi 

ness may result in different microstructures. particularly in the amount 

di iona1 products that could be produced during the final quenching 

ion. In order to characterize the true microstructure in the test 

imens, precaution was taken to ensure that the samples for the thin 

ils had the same thickness as the round tensile and impact specimens. 

were subjected simultaneously to the same heat treatment. 



~18~ 

Slices about 00025 in. thick were cut from the heat treated 

sampleso Flood cooling was employed to minimize specimen heating during 

cutting. The specimens were then chemically thinned to about 5 mils thick 

HF at room temperatureo Final thinning was done in 

a twin-jet polishing apparatus using a chromic-acetic acid solution 

(75 Cr03 + 400 ml CH2COOH + 21 ml H20). The resultant foils were exam­

ined in a Siemens Elmiskop IA and a Phillips 301 transmission electron 

microscope at an acceleration voltage of 100 KV. 

(iii) Scanning Electron Microscopy 

The fracture morphology of tensile and Charpy specimens was 

thoroughly documented using an AMR-1000 scanning electron microscope oper­

ated at 20 KVo Fracture surfaces selected for examination were taped to 

prevent any mechanical damage and contamination by foreign particles, 

then stored in dessicators until examined in the SEM, 

C. RESULTS 

10 Transformation Temper~ures 

Table I lists the measured As' Af , Ms ' and Mf . The temperature 

intervals between As and Af allow a rough assessment of the phase range in 

the (a +y) field. Consequently, the results of the transformation temper­

ature show that Si opens up the (a+y) range while Cr contracts ito These 

findings are in agreement with the pseudo binary Fe/Si/C39 .42 and Fe/ 

Cr/C43 phase diagrams reported in the literature. 
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Extensive isothermal experiments were conducted to determine 

the A~ temperature 3 solution treatment temperature, and the two phase 
J 

annealing temperatures for each alloy, Based on optical metallography, 

austenization temperature was determined to be 115~C for Si contain­

ing steels and llO~C for Cr bearing steels to attain similar initial y 

in sizes, Table II shows the resul of the annealing temperatures 

in the (a +y) range corresponding to the respective volume fraction of 

site, The annealing time in the two phase range was determined to 

20 minutes, This time reflects the efforts of optimizing reproducibil-

ity and minimizing grain growth, 

2, ~haracterization of Duplex Ferritic-Martensitic Structures 

Extensive metallographic examinations of duplex s 

been conducted to determine whether any rationale can be developed 

in order to characterize the duplex microstructures, the duplex 

structure with mechanical properties, and to explain the influence of 

alloying elements on the morphology of the duplex ituents. The re~ 

sults of the metallographic studies are summ,arized in this section, 

(1) Opt lea 1 meta 11 ography 

Marked differences are developed in the morphology of the DFM 

s depending on the amount and type of alloying ement X present 

~ln the Fe/X/D.l C ternary system. (Hereafter, "0.1 C" represents the 

content in each alloy). These are illustrated in the optical 

micrographs Figs, 4 through 7. 
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Fe/Cr/D.l C steels 

The initial martensite structure obtained by quenching after 

solution treatment is shown in Fig, 4a. It is evident that no other 

decomposed products of austenite are present in the microstructure. The 

average grain size of all the Cr steels is about 410~. Upon annealing 

of the initial microstructure in the (a +y) region, the Cr content pres­

ent begins to effect the phase transformation behavior significantly. 

Figure 5 shows the DFM structures developed in a 0.5 Cr steel. 

The areas of grey contrast correspond to martensite embedded in a light 

background which is ferrite. As can be seen in the figure, martensite 

particles exhibit a continuous network along the prior y grain boundaries 

with an acicular morphology in the interior of the prior y grains. This 

clearly indicates that during annealing in the (a +y) region, formation 

austenite from the initial martensitic structure begins at the prior 

y grain boundaries and, also, the martensite lath boundaries. The 

* austenite formed at prior y grain boundaries adopted a mixture of grain 

boundary al1otriomorphs and idiomorphs. Allotriomorphs are particles 

which nucleate at the grain boundary in the matrix phase and grow prefer-
44 entially and more or less smoothly along them. Idiomorphs are particles 

which nucleate at the grain boundary in the matrix phase and grow randomly 

with no preference in specific direction. In contrast, the interiors of 

the y grains were predominantly martensite lath boundary allotriomorphs 

mixed with a few scattered intragranular idiomorphs. 

austenite formed from the initial martensite structure during two 
phase annealing will 9 of course, transform to martensite again upon 
quenching. For the convenience of presentation, the transformation 
product is described as "austenite". 
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initial martensitic structure is still clearly reflected in the fine, 

acicular morphology of the martensite particles. Evidently, these needle­

like particles nucleate and grow along martensite lath boundaries. 

An important observation is that the nucleation and growth of 

y particles are absent along the prior austenite grain boundaries. This 

is rather surprising from the view point of classical nucleation and 

growth theory45 through which preferential nucleation process at the 

grain boundary is recognized. A plausible explanation for this unusual 

situation will be presented in the discussion section. 

Unlike the case with Cr steels, the geometrical features of the 

Si DFM structure remain largely unchanged as the Si content is varied, 

except for the presence of coarse carbides which can only be resolved in 

transmission electron microscopy as will be shown later. 

The various ferri ,martensite and carbide morphologies to­

gether with their substructural features and interface characteristics 

encountered with duplex processing were examined using transmission elec­

tron microscopy. Unfortunately. there nresently exists little information 

in the literature on the microstructural detail of DFM steels. Therefore. 

the characterizatclon of the duplex microstructural constltutuents by TEM 

is needed and is carefully documented in this section. 

a. Initi res 

The morphology and substructures of the various low carbon steels 

in this investigation with 100% marten te are shown in Figs. 8-13. The 

microstructure consi of almost entirely of dislocated laths of the 
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Widmanstatten orientationo The density of the autotempered carbides was 

much reduced in the alloy 4 (Figo 13) presumably due to the role of Si 

on inhibiting the precipitation of carbides~especially cementite. 48 

It should be emphasized that the type of initial microstructure 

prior to duplex processing is of prime importance in determining the mor­

phology of DFM structures since. upon reheating to the two phase region, 

the nucleation and growth aus from the initial structure is 

strongly influenced by 

going characterization 

ir microstructural details. Therefore. the fore­

the initial martensitic structures will be use-

ful as it is related to the subsequent transformation behavior during dup-

lex treatement. This will shown later in the discussion. 

bo Morpholog~ of Duplex Microstructural Constituents 

Upon subj annealing in the (a +y) range, the initially 

homogeneous distribution of carbon atoms in the martensite segregates into 

carbon enriched particles (y) leaving carbon depleted regions (a) behind. 

The relative proportion of each phase depends on the tie line specified 

by the annealing temperature. Individual components of the final product 

after quenching from the two phase region underwent complicated transfor-

mation processes which are ly scribed below. 

The morphology of the martensite in all the DFM structures was 

similar to the co ing fully martensitic structures. while its sub-

re bi a hi r sity of twinning compared to that in the 

initial martensite. Although quantitative measurements regarding the 

amount of transformation twinning was not attemoted, it was noted that 
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amount of twinning increased with a decreasing volume fraction of 

martensite for a given annealing time in the (a +y) region. Of course 

this result is to be expected since the lower the volume tion of 

su 

si the higher the carbon content in the martensite according to 

tie line in the phase diagram. In addition. it is well blished 

carbon pl 

(disl 

key role in determining 

or twinned ma 

Figure 14a shows the typical twinned area in 

type of martensite 

Cr DFr>l s 

with about 20% marten teo Dark eld imaging of a twin spot superimposed 

th a matrix spot is shown in Fig. 14b. The increased twinning tendency 

th volume fraction of martensite was so "j n Si DFM 

s. Figure 15a illus the m"j crotwi ns rel ively high magni 

ion obtained from the 2% DFM y 20% rna 

imaging a n in 

d (Fi g. 15b). In most cases 9 were internal microtwins embedded 

n dislocated ma S1 

Apa from t varying quantity on twinning. the 

ot significant res of the martensi were similar to thoseob-

"j n the full y ma s i tel e ins nee, there was no 

in di bution of 

p the a 11 A re au ite por-

wa a non-un di bution throughout the microstructures; in 

areas, no evi aus was even with ex-

ve ti 1 e ined austeni ,even 

ly small ities may be 1e to prevent tran of 

racks from one pa cle to a 
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Autotempering was another prominent feature of the martensite 

in all DFM alloys except alloy 4, Figure 16a shows the example of the 

autotempered carbides obtained from DFM alloy 2. The corresponding dark 

field image of the carbides is shown in Fig, 16b, where the matrix is 

also shown since a superimposed spot was imaged. The other areas showing 

extensive autotempered carbides are illustrated in Fig. 17, The carbides 

were identified as cementite, 

In summary, the morphology and substructure of the martensite 

as a constituent of DFM structures are similar to those of fully marten-

sitic structures, except for the extent of transformation twinning which 

increased with decreasing volume fraction of martensite, Twinning, ex-

tensive autotempering. and small quantity of retained austenite were the 

main substructural features in the predominantly dislocated martensite, 

Morphology of Ferrite 

The morphology of the ferrite was similar in all the DFM struc-

tures. and its significant features were associated with fine subgrain 

size and high dislocation density, as shown in Figs, 18-19, 

The ferrite is the matrix phase which does not undergo struc­

tural transformation during heat treatment in the (a +y) region. During 

the annealing process, a high density of dislocations (order of 1012 ) is 

inherited from the initial martensitic structure which undergoes recovery, 

recrystallization and grain growth. The result is a fine subgrain distri­

bution in the ferrite areas. In addition subsequent quenching from the 

two phase field results in the generation of a high density of fresh dis-

locations in the ferrite region due to the accommodation strain caused by 
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the y + martensite transformation. The above observations were ev-

idenced by the isolated experiments on the air cooled structures. The 

ferri te gra ins i ze va ri ed from -1]l to - 5]l ina 11 the duplex systems 

observed. According to the Fe-C phase diagram,43 the solubility of car­

bon in the proeutectoid ferrite at 850°C (~50% martensite) is approx­

imately 100 times greater than that at room temperature. Therefore, 

hing from the two phase annealing temperature resul in the high 

upersaturation of carbon atoms in the ferrite. Nevertheless, the ferri 

ion \;Jas very clean and free from any detectable precipitation except 

for extremely limited areas. This observation indicates that the excess 

carbon in the ferrite at room temperature was probably segregated to 1 

tice defects since most of these si have a lower energy than those 

Consequently there is little drivi '1 bl t th . 't t 50-52 aval a e a e preclp' a es. 

force for precipitation in the ferrite. 

Nature of I 

i 

Since the alloys used in this investigation are primarily low 

, low-alloy steels, the pearlitic hardenability in particular will 

poor. As a consequence, it is likely that in some alloys the precip-

cion of (a + carbides) according to the y + a + carb; reaction can 

place during the final quenah, In this way these carbides will be 

located only in the immediate vicinity of the a/martensite interfaces. 

morphology of the carbi is shown in Figs, 20, 21, This type of 

was only observed in the alloys 2 and 5. and was similar to 

t previously observed in 1010 steel. 9 Therefore. for convenience of 

ion, it is reproduced in Fig, 20. The carbides adopted both 
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a fibrous morphology in which the prior ria interfaces (Fig. 20d) are 

heavily faceted, and an interface precipitation morphology (Fig. 20C) 

where the interfaces are largely smooth. These types of carbides have 

been recognized as a new eutectoid transformation product in a variety 

of steels. 53- 56 Due to the complexities of the carbide diffraction spots, 

the carbides could not be uniquely identified. Most likely, however, they 

are of M7C6 type according to the suggestion reported by Campbell and 
54 Honeycombe. 

It was interesting to note that the amount of such carbides de-

creased with increasing volume fraction of martensite, eventually leading 

to their absence in the 100% martensitic structure. 

There was no indication of such carbide precipitation in alloys 

1, 4 and 5, as is seen in Figs. 17 and 19. Their absence in the alloys 

1 and 5 is due to the sufficient hardenability for the thickness of the 

specimens (0.4") used in this investigation. However, in the case of 

alloy 4 the role of Si as a carbide precipitation inhibitor is more likely 

responsible for the result rather than through hardenability since Si has 

only a mild effect on increasing hardenability.57 

Of particular interest is the nature of the interfaces: 

whether they are high energy boundary or low energy boundary. Lattice 

fringe imaging revealed the atomic environments across the interface 

(Fig. 57) and illustrated good coherency. 
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Co Tempering of DFM Structures 

TEM studies of the tempered DFM structures were mainly concen­

on alloys 2 and 4 since these two DFM al'Joys are considered to 

represent the Cr and Si steels, respectively, in view of their documented 

nsformation behavior noted thus r. For both steels, a martens; 

ume fraction of about 30% was chosen, (i) for convenience of carrying 

TEM experiment, and (i;) use the s volume on fan s 

thin the range of interest in terms of mechanical properties. 

at 2000 C 

Tempering at 200°C for an hour resulted in remarkedly di 

responses in the ferrite and martensite. The ions which were 

from any precipitation in the a itions are now asso 

ci with carbide precipi tion, while the ma site component retai 

sentially the same morphology as it had before temperi h cha 

encountered in each phases are illustrated in Figs. 22 through As is 

seen in Figs, 22 and 23 obtained from the o. Cr and Si DFM steels 

res vely, the coarse ca des, ~ 170 A wide and ~ 1500 A long, pre-

in the ferrite were identified as cementite ( by means of 

ing diffraction patterns as well as trace anal iso These carb; 

not very dense and showed irly uneven distribution. The other 

reas in the ferrite where these coarse ides were not present showed 

y dispersed precipitation on dislocation networks, the nodes of 

ing dislocations and sub~bounda es, as displayed in Fig. 24 

taken from the 0.5% Cr and 2% Si DFM 1 s ~ ively, The 

d images (Figs. 24a and 25a) of the areas of i do not 
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clearly resolve the fine precipitates on dislocations due to the over­

spreading dislocation image width, 

However, weak beam images of the same area results in greatly 

improved resolution of heterogeneous precipitates on dislocations, dem­

onstrating the great advantage of weak-beam-technique58 ,59 over conven­

tional bright field imaging in this particular application, These are 

shown in Figs, 24b and 25b taken by using (g, 3g) weak beam imaging con­

dition, 

On the other hand, martensite regions remained largely unchanged 

at this stage as shown in Fig. 26 obtained from the 2% Si DFM steel, It 

seems that the cementite precipitates observed in the specimens after 

2000 C tempering were those autotempered carbides that persisted to this 

temperature without apparent coarsening or shrinking, This is because 

there was no observable difference in the average size and density of the 

precipitates as well as no indication of E carbide precipitation after 

tempering at 2000 Co 

DFM Structures Tempered at 400°C 

Tempering at 400°C was accompanied by significant changes in 

h constituent .phases, as shown in Figs. 29, At this higher temper-

ing temperature, the ferrite matrix was entirely free from the coarse car-

bi that were present after 20~C tempering, while still showing a fine 

scale precipitation on those heterogeneous nucleation sites (Fig, 27). 

However, the dislocation density was not much reduced. Again, weak beam 

image in Fig, 27b yiel better resolution of the fine precipitates on dis-

locations as compared to the corresponding b,f. image (Fig, 27a), Figure 

28 is a transmission electron micrograph obtained from steel 2 at 40~C, 
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Figures 30a and 31a are the bright field micrographs obtained 

from steels 2 and 4 respectively, and the corresponding dark field images 

of the carbides taken from a carbide reflection are shown in Figs. 30b 

and 31b. It is seen that the coarsened and spheroidized carbides are 

preferentially along a/previous martens; interfaces with some 

them along the recrystallized subgrain boundaries within the prior 

martensite islands. 

The large globular carbides of ~0.1]J in diameter were found to 

cementite as evidenced by analysis of the electron diffraction patterns 

(Fig. 30d). The possibilities of the presence of other types of carbides 

e.g., M7C3 and M23C6 was precluded by means of indexing many SAD patterns 

obtained from the areas containing carbide particles, At this stage of 

tempering, the tempering process in the ferrite regions involves annealing 

out of dislocations resulting in extremely low density of dislocations, 

a coalescence of subboundaries causing large subgrain sizes, as seen in 

Fig, It is apparent from the figures that the dislocations either at 

subboundaries or at the interiors of the subgrains are no longer 

associated with the fine dispersion of part; es that have been present 

in the structures up to 400°C tempering. 

An important observation was that there was no observable di 

in the kinetics of tempering processes between two steels in the 

range of 200° C ~ 6000 C, Moreover, of spec; ali nterest was 

ipitation of cementite in 51 steels even at the 200°C tempering tem-



30 Mechanical Properties 

(a) Tensile Properties 

As already mentioned tensile properties were 

2 in. gauge length on round tensile specimens. the 1 only for 

ison with property specifications of selective commercial HSLA 

1s. For the 1 in. gauge length imens, ongation was 

measu on a 1-1/4" gauge 1 h in order to in as many data points 

as sible. 

The room temperature tensile a DFM 

s are summarized in ble III, and are plotted in through 

Figure 33 shows the variation of yield sile the 

s as a function of martensite volume The trend 

shown in the figure is that the composite rule two 

S8 mixtures in the range of 15 ~ 80 peL volume ion martensi 

less of its composition and morphology. variat"ions uni-

and total elongations with res . ma si are pl 

in Fig. 34, demonstrating the validity of the two m"lxture ru"'e for 

t o 60. th <,lon Hl e range 10 - 80% martensHe. 

From these plots of strengt ion vs martensi 

that -contain; DFM show i es 

ng DFM 1s. In particular, 2% S, D s exhi bit 

un 

or combination 

ite. Thi sis 

strength 

i 11 u 

ongation as shown in Fig. 

i on ovet~ a \Ni tange of 

strength 

i 1 e es of 

rommercial Van 80 and 1010 s are also shown for comparison. The 

0.2 t. offset yield and ultimate strengths of the duplex 2% Si steel 



with respect to total elongation are shown in Fig. 36, compared with 

some of those selective commercial HSLA 1s including Van 80 which is 

considered one of the best available HSLA steels. It is noted from this 

plot that the values of the corresponding yield strength in the duplex 

2% Si steel show better than or at least comparable to the ultimate 

strengths of the commercial HSlA steels at the given total elongation. 

Of sial interest is that the duplex 2 pet. Si steel shows notably high 

uniform elongation and extremely high ultimate strength which presumably 

are the consequences of i morphological features. which will be dis-

cussed later. 

In Fig. 37 is shown the vari ion in reduction in area, a mea-

sure of ductility. as a function of pet. martensite of the as-quenched 

DFM steels. The DFM alloys 2 and 6 show a gradual increase in the reduc-

tion in area from about 1 up to 60% martensite followed by a progressive 

se up to 100% martensite. while the reverse behavior is observed in 

the DFM alloys 1 and 5. However. the values of the reduction in area in 

the duplex 2% Si steel (DFM alloy 4) remain relatively unchanged over a 

ing volume fraction of martensite. 

room temperature tensile properties of the fully martensitic 

a DFM steels tempered at the predetermined temperatures are listed in 

es IV and V respectively. Figures 38 and 39 plot the variations in 

and elongations 9 respectively. with tempering temperature for 

t lly martensitic steels. The modulations of yield and tensile 

illus 

s the DFM steels as a function of tempering temperature are 

in Fig. 40. and those of elongation in Fig. 41. It should be 

that the as-quenched properties are not comparable since the alloys 
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differ in the volume fraction of martensite, as can be seen in Table Vo 

Figure 40 shows that ultimate strength of the tempered DFM 

alloys 2 and 4 (~ 30% MS) decreases very slowly with increasing temper­

ing temperature up to 400°C followed by rapid drop up to 600° tempering, 

while yield strength remains almost constant least up to 400°C. In 

the case of alloy 6 having 70% martens; ,both of yield and ultimate 

strengths decreases continuously with increasing tempering temperature. 

This indi that tempering behavior of DFM steel is significantly in-

fluenced by the amount martensi ume fraction. On the other hand, 

the plot of elongation against tempering temperature (Fig. 41) for the 

alloys 2 and 4 shows that the uniform and total ongations increase 

initially up to 200°C tempering followed by a gradual up to 

400°C, and then rise again up to 60uC ng Somewhat 

abnormal tempering behaviors are found in the alloy 5. compared to 

of the rest of the tempered DFM In Fig. 42 is shown the vari 

ions of reduction in area with tempering temperature for the 

DFM steels 2, 4. and 5 containing 30~40% martensite. 

(b) Impact Properties 

Charpy V-notch impact were conducted room temperature 

subzero temperatures down to ~C evaluate the room temperature 

toughness of the as-quenched DFM steels 29 6 and 49 to determine 

influence of pct. martensite on the ductile to brittle transition 

(OBTT)9 and to assess the OBTT characteristics of the DFM 

alloys. Except for a few charpy tests conducted at room temperature 

uscl standard Charpy V-notch s imen, all impact tests were 
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out using the subsize impact specimens due to the limitation of the 

materials available. The results of the impact study are summarized in 

ble VI, and are presented graphically in Figs. 43 through 45. The 

reported represent an average of at least two tes In the data 

is also indicated the scatter of the impact energy values for each test~ 

i temperature. 

gure 43 shows the impact energy curves of the as-quenched 

0.5 DFM s with two different martens; volume fractions. The 

curve with martensite does not exhibit a definite DBTT. while the 

one with 90% martensite apparently does. The DBTT of the latter case 

was determined to be about -life, based on the measurement of the point 

inflection in the energy curve. i.e,. the temperature at which the 

ials capacity for plastic deformation changes rapidly. 

Figure 44 shows similar variations of DBTT with pct, martensite 

in 5i DFM steels. The apparent transition temperature was lowered by in-

creasing the martensite volume fraction from 30% to 60% in the case of 

, whereas 2% Si DFM steel showed no parent DBTT and no 

s1gni cant difference in the impact energy as pct. martensite varied. 

so i uded as a reference in Fig. 44 is the room temperature impact 

the 0.5 DFM S (60% ) obtained from a 

s impact specimen. 

45 the impact energy curves the DFM alloys 

! 4; both of them hav; 3 martensite, 
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4. Fractogr~ 

The fracture morphology of the broken tensile specimens and 

Charpy impact specimens was examined in a scanning ectron microscope. 

The general fracture a the fractured tensile 

imens for all the as-quenched DFM steels were remarkably similar; 

low magnification, inner zone of the s'ile surface vvas 

y fibrous, whi ch 'i s indi ve s ble, su Hi ca 1 crack exten~ 

sion iring rel hely high energy, and high magnif'j on, crack 

ion occurred by predomi ly microvoid coalescence 

(Figs. 46a and b). On the other hand, the fracture su of all the 

proportion notched impact specimens were mostly associ th a 

quasi-cleavage produced by a high deformation rate due to impact 1 

ing 9 as illustrated in F . 46c through 

All the initial martensitic s showed ly 

cleavage like fracture with a small proportion of dimpl rupture as shown 

"in Fig. 46c. It "is noted from the fi t the fracture plane 

or; ions, resulting in the large quasi-cl 

sizes was essentially identical with that of a division 

whose average 

the prior y 

site laths. A grain size by the grou of the same or; 

i view of t 

ri dges may be 

t oj r common d i ion a s 

martens i 1 a 

The mode 

s In the case 

Foj g. LI,6d ~ 

ated 

s 

DFM 

sign; 

a 

substructures since 

ance of the pattern 

y with the size of 

s. standard s resul 
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in a mixture of quasi-cleavage and dimpled rupture of which proportion 

depended on the relative amount of each can ituent in the DFM structure. 

On the other hand, all the subsize specimens, regardless of alloy com­

position and martensite volume fraction, exhibited mainly quasi-cleavage 

like fracture without an appreciable quantity of ductile rupture at all 

ng temperatures used in this investigation. These are illustrated 

in Figs. 47-51. In Fig. 47 are shown optical micrographs and correspond­

ing fracture surfaces taken from the fractured standard specimen of 4 Cr 

DFM steel (-20% martensite). Viewing the low magnification fractograph 

(Fig. 47b), the quasi-cleavage areas (marked with "A") appear to corre­

spond to martensite particles since their morphology is similar to that 

of initial martensitic structure (Fig. 46c and d) and the volume fraction 

of the areas is also similar to the martensite volume fraction shown in 

the optical micrograph (Fig. 47a). Thus it appears that the predominantly 

dimpled rupture revealed in Fig. 47b was associated with the soft ferrite 

matrix. The higher magnification views of the quasi-cleavage and dimpled 

rupture areas are shown in Fig. 47c and d. A similar mixed mode of fail­

ure was observed in the other DFM steels except 5i containing DFM steels 

which showed a higher proportion of quasi-cleavage than predicted by the 

ume fraction of martensite. This is shown in Fig. 48. 

Am important observation was that the fracture su of the 

alloys 2 and 6 were associated with small particles on the bottom of 

the dimples as is seen in Fig. 49. The presence of the particles may be 

ated to the cracking or decohesion of the coarse carbides which were 

observed by TEM in the above two DFM steels. This can be substantiated 
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by the similar size of the particles observed in SEM and TEM, and also 

by the fact that they were not present in the fracture surfaces of the 

other DFM alloys. 

In Fig. 50 is shown the fracture features of the subsize im­

pa speciments obtained from 0.5 Cr DFM steel ( ~ 60% martensite). It 

is noted that quasi~cleavage with no appreciable evidence of dimpled 

re dominated the mode of fracture in all fractured specimens 

ted at ooe (Fig. 50a), -20°C (Fig. SOb), or lower temperature. No 

apparent change in the fracture appearances was noted as the pet. mar­

site was decreased to ~30%. It appears from the above observations 

t the specimen's size effect overrides the microstructural effects on 

the fracture mode in this investigation. Similar fracture morphology 

was observed for the Si DFM steels where the impact specimens were sub­

sized, as is seen in Fig. 51. The small cleavage facets contain river 

s, cleavage tongue, and are separated by ridges. A few 

llow dimples are also visible. In all cases, the fracture surfaces 

revealed some evidence of secondary cracks, indicating the presence of 

cracking normal to the main fracture plane. 
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D. DISCUSSION 

1, Influence of Alloying Elements Upon the Morphology of Duplex 
Microstructural Constituents, 

The decomposition of austenite has long been a major subject 

of physical metallurgy44.61 while much less attention has been directed 

to the formation of austenite. 62 Unlike the case of austenite decompo­

sition, the formation of austenite involves further complications by the 

type of initial microstructures which playa key role in understanding the 

mechanisms, kinetics, and morphology of growth. Among the few system-

atic studies of austenite formation, most of the early works were concerned 

with the formation of austenite from ferrite-carbide aggregates,63-65 but 

the formation of austenite from martensite as an initial microstructure 

has been studied in much less detail. 40 ,66. 

The formation of austenite from martensitic structure may oc­

cur either by classical heterogeneous nucleations63 at such lattice 

imperfections as prior austenite grain boundary, lath boundary, matrix/ 

carbide interface, etc., or by a shear mechanism on a specific habit 
67 68 plane.' In the present study. however. the preferential precipita-

tion of austenite along prior austenite grain boundaries (except with 

Si steel) and martensite lath boundaries, coupled with the gradual evo­

lution of austenite particles with annealing time in the (a+y) region, 

precludes the possibility of the transformation by a diffusionless shear 

reaction. The dominating influence of the boundaries in the austenite 

nucleation process arises from the additional surface energy available 

at the interfaces, as given by classical nucleation theory.45 However, 

some attention should be given to the role of substructural features of 



martensite in order to fully establish the mechanism by which this pre-

ial nucleation event occurs in martensitic structureso First of 

all, concerning the presence of retained au ite that was trapped be-

lath boundaries in the as-quenched martensi c stru (Fi 

0), the preference for the martens; lath bou ies in the austenite 

ion event may be further en need by the HiDn product of 

austenite along t boundarieso That is, duri heating of the 

sitic structure in the two p ion. austenite 

into ferrite and carbideso Thus formed situated at 

,J,. lath boundaries can provide active s"l for t, nucleation, 

but relative gnificance of this s in ling the number 

nucleation events at the lath boundaries rema·ins una Similar1 

t potentia "' effect of the au in 

"< fully martensitic structures (Fig, 11) may also L taken into 

account in the austenite nucl ion process upon ng to the (a+y) 

iono However, careful observations on many optical and trans-

mission ectron micrographs of DFM stru , in particular those of 

early of transformation. indi that the autotempered carbides 

si in the matrix (not at the ries) ly did not provide 

nucleation si to compete wi 1 e s i 

nucleation. This result is in agreement with that of Speich 

who observed preferential au n1 the carbides 

grain boundarY5 but at the ca t in the matrix. 

The forego·j cons·j ons 1 ing of the 

ipitation of austeni ial1y in and 1 
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boundaries of the initial martensiteo The absence of austenite precipita 

tion along prior grain boundary in Si-DFM steels will be discussed later. 

At late reaction times, however, marked differences developed in the 

morphology of austenite growth depending on the type and amount of alloy­

ing element, as has been demonstrated in Figs. 5 through 7. At this 

point, the pronounced differences in the pattern of austenite growth only 

in the interiors of the prior austenite grains will be discussed and the 

heterogeneities along the previous austenite grain boundaries will be 

considered separately later on. Figure 6 shows that the austenite in 4 

Cr DFM steel appears to grow more less freely in every direction which 

results in equiaxed particles. On the other hand, when the Cr contents 

was lowered to 0.5 Cr (Fig. 5), the austenite exhibits marked directional 

growth with the result that predominantly acicular particles are formed. 

In Si DFM steels, however, two different Si concentrations resulted in 

essentially the same acicular growth of austenite as has been described 

before. This type of austenite growth in both of the 0.5 Cr and Si DFM 

steels is shown to exhibit the same general mechanism, the only differ-

ences being that the austenite particles are finer and more acicular in 

the case of the Si DFM steels. 

The alloying element effects on the growth pattern of austenite 

from the initial martensitic structure have been observed by other inves­

tigators. 40 ,66,69 However, understanding of the mechanisms by which this 

occurs is not clear as yet, and no systematic work has been done in the 

past. Perhaps a unique and most useful study on this matter appears in 

the recent publication by Plichta and Aaronson. 40 They classified many 

ternary Fe/X/C systems (X being sUbstitutional alloying element) into 
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three groups according to the observed morphology of DFM structures, In 

ir work, the view is expressed that competitive processes between the 

nucleation and growth of austenite at lath boundaries and migration of 

t boundaries determine the final product shape, More specifically, 

ing to their phenomenological explanation, rapid migration of the 

ies compared to the kinetics of austenite formation results in the 

aus ite particles free from contact with the boundaries, thus allowing 

ra d spheroidization of the austenite crystals as in the case of Cr DFM 

1s. On the other hand. a high rate of austeni nucleation in Si 

steels results in the restriction of the lath boundary migration, 

ensuring the growth of the new a along retained 

ries. They further argue that the globular shape of the au 

icles in Cr DFM steels is attributed to 

Acicular shapes in Si and Mn DFM steels 

solu upon 

tively are a result 

decrease in the interfacial nucleation 

t lower temperature range of the no-partition y/(a+y) 

se boundary when the alloying element concentration is the same in 

au and in ferrite. 61 However, the lowing experimental evidence 

ifies that their observation and explanations are inconclusive. and 

entirely consistent with the resul of this investigation. 

n Evidently. they have not recognized ic change in the DFM 

ogy that occurs depending on the amount of alloying element. For 

, it turned out that an acicular shape of i particles was 

in 0,5 Cr and 4 Mn40 DFM 1s whereas a globular morphology was 

in 4 Cr and 0.5 Mn 70 DFM steels. 
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ii) As indicated in Fig. 6a obtained from 4 Cr DFM steel ~ the fer-

rite boundaries still subsist in the specific crystallographic directions 

maintaining original lath boundary morphology which may enable the aus-

tenite particles to grow inan acicular manner. Nevertheless~ the aus-

tenite particles at the boundaries are shown to exhibit globular growth 

instead of an acicular growth pattern. 

iii) It was thus found that their proposed mechanisms. viz, solute 

drag effect. interfacial free energy and no-partition Ae3 temperature 

concepts could not explain satisfactorily the alloy element effect ob-

served in this investigation. 

Therefore. an plausible explanation for the influence of Cr and 

Si on the morphology of austenite from martensite is suggested as follows. 

Even in the absence of bulk partition of the element between the two 

phases. Cr and Si atoms may be required to diffuse for short distances 

along the austenite/ferrite boundaries before completing their transfer 

to the austenite phase, provided local equilibrium concentration of the 
71-73 alloying elements are obtained at the boundaries during growth. 

This idea basically leads to the presence of a narrow concentration 

"spike" ju ahead of and in contact with the advancing boundary. The 

existence of such a narrow concentration "spike" has been postulated by 

Kirkaldy73 in his study of austenite decomposition, However, this is 

debatable49 nce its presence is indetectable due to the limits of res­

olution of the electron probe (the lattice image technique may reveal the 

extremely narrow, localized IIspike", if any). 
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boundary. This situation "is entirely changed as the concentration "spike" 

becomes higher, and hence more influential with increased Cr content, as 

in 4 Cr DFM steel. The dominating effect of the spike on carbon diffu-

sion reduces two-dimentional and encourages three-dimensional growth, re-

sulting in the globular shape of austenite particles. Even though the 

above rationalization based on the postulation of a concentration spike 

is capable of explaining the observed alloy element effect. fundamental 

studies are undoubtedly needed to clarify the proposed mechanism. 

Turning now to the absence of austenite precipitation along the 

previous austenite grain boundaries observed in Si DFM steels, one can 

think of two possibilities that can account for this. Firstly. it is 

likely that the prior austenite grain boundary can be decorated by the 

formation of ferrite allotriomorphs during quenching from solution treat-

ment, This occurs since 51 is one of the potent alloying elements 

which increase the rates of nucleation and growth of proeutectoid ferrite 

al1otriomorphs. 77 In other words, the initial martensite structures may 

be associated with a thin layer of ferri allotriomorph along the prior 

y grain boundary. As a consequence, upon subsequent annealing in the two 

phase region, this ferrite phase inherited from the initial martensite 

structure may prevent the nucleation and growth of austenite along the 

otherwise preferred sites. This possibility however is excluded in this 

investigation after careful examination of the morphology of prior y grain 

boundaries in many optical and transmission electron micrographs (e.g. 

Fig. 4). 
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The second sibility is related to segregation along the 

boundaries during solution treatmemt in austeni fi d. Although 

itive proof t in boundary tion was not attempted, the 

occurrence of Sl s on has al~ 

ready made as~quenched quenching 

11000 C reveal on of the el-

s such as p imony. If it occurs, 

aus nucl in boundaries will be pre-

the ion carbon and pied 

sn icon atoms at t es. 

Hence, it a reasonable conclude silicon segrega-

tion is responsible t a of au te i pi on the 

prior austenite ies. 

ioY' 

Temper; "lly rna i s -I s a common ice of 

leal nu a fli s s in 

ves va ous ex ion of carbon, pre~· 

cipi ion a ined austeni 

el and re-

mechanism and es are gnifi 

'in Fe-C systems8.0,81 

c i in phase 

s lly S1 e s has 

numerous invest; tions,51, a is y well 

c 
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With the present knowledge of the structures of tempered 100% 

martensite, tempering of DFM steels is of great interest in several 

respects" Firstly. it involves various stages of complex reactions in 

the ferrite matrix as well as in the martensite islands. The competitive 

process in both phases upon tempering leads to an interesting type of two 

phase aggregate. Secondly, and more importantly in this study, tempering 

at a specific temperature will change the mechanical properties of the in­

dividual phases. The resultant mechanical properties of the composite are 

not only noteworthy in view of its thermal stability but also will assist 

the understanding of deformation behavior of DFM steels, as discussed in 

a later section. 

It was noted that the tempering behavior of the constituent 

phases present in the DFM steels was substantially different from what it 

would be in the absence of the other phase. At the tempering of 200°C 

for 1 hour, absence of appreciable carbide precipitation (except auto­

tempered carbides) in the martensite suggests that most of carbon in the 

martensite is present either in the autotempered carbides or segregated 

to lattice imperfections such as lath boundaries and dislocations since 

the carbon segregated to defects is believed to occupy lower energy sites 

than are available in the carbides at this stage of tempering. 50-52 In 

contrast, a much lower defect density in the ferrite relative to that in 

the martensite results in large cementite precipitates in the areas where 

the dislocation density is very low, and very fine precipitates on dis­

locations of relatively high density, as may be seen in Figs. 22-25. 

Therefore it appears that defect density is the controlling factor in 

determining the presence of carbide precipitation in both phases up to 
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2000 C temper; ng. 

AT 40~C. coarsening of cementite in the ferrite and martensite 

undergoes a competitive process. The growth of cementite in ferrite is 

limited by its kinetics since it involves carbon diffusion over a greater 

distance relative to that in the martensi On the other hand. cementite 

in the martensite is closely surrounded by an abundant supply of carbon. 

As a consequence. the competitive process results in the resolution of 

carbides in the ferrite with attendant precipitation and coarsening of 

cementite in the martensite, as demonstrated in Figs. 27 through 29. At 

this stage, it is evident that the ferrite regions still show finely dis-

persed precipitates on dislocations. At 60~C, however, excess carbon is 

entirely drained from the ferrite as the carbides present in the marten­

site regions coarsen further and spheroidize. Thus there is no indication 

of carbide precipitates in the ferrite, as is seen in Fig. 32. 

The general features of the structural changes observed in tem-

pered DFM steels have been described. Special attention will now be 

directed to the presence of coarse cementite precipitaiton in the Si DFM 

1s tempered at 20~C for 1 hour. A number of studies48 ,84-87 have 

made on the influence of Si in retarding softening during tempering 

in the temperature range of 15~ 40~ c. mtstetter et al. 86 found the 

fi indication of cementi on tempering at 27~C in steels with 0.26 

3700 C wHh 1.6 9 and at 455°C with 3.2% S1. This indicates that 

t ng temperature for appreciable cementite formation increases 

th ,% Si -- a result shared by many investigators in a variety of 

s containing Si as an alloying element. 48 ,87 9 88 Mechanisms suggested 

to lain th"IS phenomenon by various investigators are at variance with 



-50-

each other. Whatever the mechanisms are, the experimentally observed 

results on this subject in the literature suggested with about equal 

fervour two possible effects of Si on tempering. 

(1) Nucleation of cementite is delayed by the 

presence of Si. 

(2) E carbide is stabilized to a much higher temperature 

than in a comparable steel without silicon. 

In view of these effects of 5i on the tempering behavior of steels, the 

results of the present investigation are surprising from the evidence 

that the precipitation of large particles of cementite was observed in 

the 2% Si steel tempered as low as 200°C. as shown in Fig. 23. This 

observation is consistent with the earlier work by LeakS9 who finds that 

the bulk diffusion of carbon in ferrite is not affected by S1 up to 3 

wt. pct.- a view which has not received general support. 

It should be noted, however, that this cementite was present 

only in the ferrite constituent, but not in the martensite regions. 

This leads to the speculation that the influence of S1 in re­

tarding softening may be controlled by specific substructural features, 

instead of general Si-C interactions that have been suggested by OwenSO 

and many others. 48 ,86 

Further study is of course needed to substantiate this point 

of view. 
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3. Strengthening Mechanisms 

It will be of some interest to examine the factors governing 

flow properties of DFM alloys and related strengthening mechanisms in 

similar systems. Any two phase material in which one component plastic-

ally deforms less than the other results in a very non-homogeneous stress 

and strain distribution upon deformation. gO Theoretical explanations of 

the strain inhomogeneity in terms of dislocation theory involve the mo­

tion of dislocations impeded by a microstructural barrier. Thus the 

mechanical behavior of two phase materials depends on a specific mech­

anism by which slip can be transmitted across the barriers (i.e., 

strengthening microstructures); this in turn, is governed by the nature 

of the barriers. 

When the barriers are point obstacles, such as in dispersion 

strengthened alloys, the dislocation encounter the obstacles and try to 

bypass them by the Orowan mechanism. 22 The resulting flow stress re­

quired to achieve the bypass process is given by 

where TO = flow stress of the single phase matrix 

a = geometrical constant depending on the particle 
shape and distribution 

G ~ Shear modulus of the alloy 

b = Burgers vector of the glide dislocations 

Ap = average interparticle spacing. 

(2) 
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Orowan strengthening becomes appreciable for two phase materials in which 

th . t t· 1 .. 1 th f . 23 0 th e average ln erpar lC e spaclng 1S ess an a ew mlcrons. n e 

other hand, in the extreme case where the particles are continuous and 

unidirectionally aligned in the direction of applied stress, which is the 

case in a fiber reinforced composite, the resulting flow stress of the 

system is governed by Eq. (1). The derivation of Eq. (1) is based solely 

on the fiber loading concept, and not on an actual dislocation mechanism. 

It is well established that the Egns. (1) and (2) can provide the quanti-

tative predictions of strengthening for the respective systems. However, 

much less is known about the mechanism which governs the flow property of 

the transition two phase material between the aforementioned two extreme 

cases. The transition case includes such technically important duplex 

alloys as ferrite-pearlite, spheroidite and DFM structures. The majority 

of the studies on their plastic deformation rely on experimental observa~ 

tions due to the difficulty in theoretical analysis arising from their 

geometrical complexities. 25 ,26,30 

In such two phase materials containing the second phase constit-

uent of 1- 50 ym in size, the major microstructural barriers which are 

more likely to be surfaces can not be bypassed by dislocations. Nor 

can they be treated simply on the bais of fiber strengthening models. In 

other words, Eqns. (1) and (2) may be related to, but are not directly 

a~/licable to the strengthening mechanism in this situation. 

Earlier experimental studies on pearlitic and spherodized car­

bon steels showed that the flow stress of the ferrite in these structures 

is controlled by the mean free path in the ferrite according to the 
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. 24 60 91-92 . Hall-Petch equatlon, " whlle others preferred the Orowan rela 

tions 23 ,74 or still other mechanisms. In spite of these inconsistences. 

the conclusion common to all these studies is that the available slip 

distance in the ferrite is the most important variable in determining 

tho This. in turn. is determined by the size. shape and distribu 

ticn the second phase constituent in a matrix. Therefore, in cases 

second phase particles are spaced at distances less than the 

mean dis1ocation slip length (in a metallic matrix, 1~50lJ in most 

cases) enhanced strengthening of the matrix will result and its property 

wnl be no longer those of the single phase matrix. However, if the 

"interparticle spacing is larger than 50lJ or so, the contribution from 
. 35 36 either Orowan strengthening or Hall-Petch strengthenlng , to the 

matrix flow stress will be very sma11. 

cons 

The flow stress of such two phase alloys in which the matrix 

tuent is continuous has also been analyzed by hby.94 According 

his micromechanistic model the density of "geometrically necessary" 

dislocations which are formed to allow the two phases to deform in a 

'les 

flOli'J S 

ible way is expressed as follows: 

(3) 

b is the Burgers vector and y the shear strain. For alloys con­

sphedcal particles. leG"" rlf where r is the particle radius and 

volume fraction. For alloys containing needle or plate-like par-

Ie = the surface to surface separation of the particles. 
G 

The 

s is then given by 
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(4) 

where K is a constant. 

Equations (3) and (4) predict that flow strength should be enhanced as 

the volume fraction of the hard phase increases since thereupon AG de­

creases, and that the effect should diminish at large strains. The 

equations reduce to the Hall~Petch relation with interparticle spacing 

AGo The serious drawback of the Eqns. (3) and (4) is that they do not 

take into account the fiber loading mechanism which may be simultaneously 

operative for the flow property of the transition duplex materials under 

consideration. In fact there is good experimental evident that both 

microscopic (dislocation) and macroscopic (fiber load) mechanisms are 

necessary in order to explain the plastic deformation in the ferrite~ 

carbide aggregates. 60 ,95 Wilson 96 showed that the non-deforming par­

ticles contribute to the load carrying capacity of the specimen as 

elastically~stressed inclusions in addition to acting as barriers to 

dislocation motion. 

In view of crack propagation through localized stress regions 

in the soft matrix, if a continuous path exists in the matrix the crack 

may grow without traversing the harder phase. For the duplex alloy in 

which the hard phase occurs as needles or plates 9 this path will be more 

tortuous and the crack must either traverse the fibrous particles result­

ing in some dissipation of crack propagation energy or stop growing alto­

gether. 21 Kel1y97 concludes that the only way to ensure that the strong 

phase particles contribute their maximum load carrying capacity to the 
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duplex material is to be arranged as either fibrous or plate-like shape. 

In summary, it appears that the mechanical behavior of the 

transition duplex alloys including DFM steels is believed to be controll 

both microscopic and macroscopic mechanisms. These, in turn, are deter­

mined by the size, shape and distribution of the second phase constituent. 

this time, it is reasonable to arrive a general conclusion that, 

a given volume fraction and number of particles in a soft matrix, fibrous 

icles are preferred to spherical ones so as to achieve more effective 

strengthening of the composite. 

40 Stress-Strain Characteristics 

Having considered the strengthening mechanisms of the DFM all 

a study of the characteristic stress-strain behavior will be useful in 

iding direct information on the process of pl 

composite. 

ic deformation of 

The detailed load-elongation response of the DFM alloys is illus­

trated in Figs. 52 and 53. The relatively low yield strength, coupled 

with extremely high rate of work hardening, in the early stage of plastic 

defomration of the 2% S1 DFM alloys (4S1, 4S2, and 4S3) results in a hi 

ile/yield strength ratio and good elongation to necking, as is shown 

n Fig. 52. Also shown in Fig. 52 for comparison is the engineering stress~ 

ineering strain curves for fully martensitic structure (4A) and a com­

mercial HSLA steel, Van 80. 11 Figure 53 reveals the variation of the 

curves with respect to the different volume fraction and morhpology of 

ma ite particles. 
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Referring to Fig. 52, it appears that the yield strengths of 

the 2% Si DFM steels increase with increasing volume fraction of marten-

site particles. In view of the fiber loading concept alone, this is not 

to be expected since the elastic constants of ferrite and martensite are 
98 99 equal ' and hence there is no stress concentration in the elastic range, 

and therefore yielding starts simultaneously at all points in the matrix, 

independently of volume fraction of the martensHe~9 The micromechanistic 

mod ,however enables the increase in yield strength to be explained 

according to Eqns. (3) and (4), viz, as volume concentration of the mar­

tensite particles increases the effective interparticle spacing (AG) de­

creases, giving an increase in flow stress, 

In the early stage of pl ic deformation of the composite, 

strong phase particles (martensite) do not deform with soft phase 

matrix31 (ferrite). Mobile dislocations are impeded by the particles. 

The dislocation density increases rapidly as further deformation proceeds, 

resulting in an increase in effective size of the particles, In this way, 

stresses are built up, in and around the particles. The resultant stress-

strain features include early and farily extreme work hardening rates 

which do suppress mechanical instabilities. As a consequence, the tran-

sition from elastic to plastic deformation is smooth without showing 

yi d point phenomena that have been observed in a number of metals and 

alloys both in the single and polycrystal1ine state. e.g., note the yield 

point elongation in the load-elongation curve for Van 80. This mode of 

behavior continues until the yield stress of the martensite particle is 

reached at about 3% deformation. Here the dislocation will start to cut 



through the semi-coherent martensite particles on the slip systems that 

are common to ferrite and martensite, As deformation proceeds the load 

for further deformation increases. However. after the onset of 

la scale yielding the work hardening rate of the DFM alloys decreases 

s virtually ual to that Van 80. rdless of the marten-

si volume fraction. as shown in Fig. 52. 

g equalization work ing at high strains 

in with t calculations of the ni element method~9 which 

that when the hard (martensite or ide) yields. the 

work hardening rate of the composite equal to that of ferrite but 

t a higher flow s 1 

As is displ in Fig. 52. her c stic feature of 

t s s-strain havior the t large elonga-

t'lon to necking and rel sma "11 in re the onset of 

PI stic in bi 1 ity ( 'Ind'! by the arrow marks). This phenomenon is 

1 • , 1 to be in due the good across the te/mar~ten 

si tE; ces as is evi by inuous "I ice fringe images 

g. 57). That is. strong particles that do not have good atomic fit 

th matrix are known to as si <ilure by ion or to 

t formation the weak in 

cles matrix. 38 Therefore, a good bond is necessary to 

11 ure, 11 toug s the ferd 

to On t ,1ft is too good an approach~ 

i C is less <1<1 y from its path resulting in the 

"1 , consumption for crack propagation across the interface. This, 

In rn, can result in ease of crack propagation with a small elongation 



to final fracture after the initiation of a crack. However 9 most workers 

agree that a good coherency is essential for effective load transfer. 

The effect of the martensite volume fraction on the tensile be-

havior is clearly reflected in the curves in Fig. 52. As the volume frac-

tion increases: 

i) the initial rate of work hardening appears to be increasing. 

ii) at high strains~ the work hardening rates are virtually the 
same, but at a higher flow level. 

iii) uniform and total elongation in a linear fashion, 
accompanied by a corresponding increase in yield and ultimate 
tensile strength. 

A similar trend is observed in the load ongation curves (Fig. 53) for 

the 2S and 5S alloys containing a different shape and distribution of mar-

tensite relative to that of the 4S alloy. However, it is clear from Fi 

and 53 that the tensile curves for the alloy show superiority to 

those of Van 80. 2S. and 5S alloys. as was previously shown in the various 

plots of their properties. 

5. Correlation of with Mechanical i es 

Many factors the mechani properties of a simple ter-

nary /X/O.I C alloy with DFM structures, among which are, (1) size, 

shape, distribution and volume fraction of martensite in the ferrite matrix, 

(2) properties of the con ituent phases. and (3) microstructural features. 

such as the presence of coarse carbides. The alloying addition X and the 

treating conditions control these main structural features which 

are closely related to the corresponding mechani property in this sec-

tion. 
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(a) Tensile Properties 

~trength and Elongation 

Figure 35 reflects the way in which the tensile properties of 

various DFM steels vary as the major structural parameters are 

c Due to a mutual interaction of above mentioned factors, it is 

di cult to evaluate their individual in fundamental terms. How-

ever, an attempt is made here, with the aid of Figs. 33 and 34. to gain 

some qualitative understanding of the duplex structure-property relations. 

The addition of silicon tends to confine di ocations to the 

[no' 'J 81. h" d 1" __ J panes. 1.e .• 1n ers cross s lp. a result. it has been shown 

t si1e ductility decrease slightly with increasing silicon con-
100.101 Nevertheless the duplex 2% Si s reveals higher values 

ongations. if the martensi content is below 60%. than those of the 

plex 0.5 51 steel. This must be rel to the coarse car-

bi in the immediate vicinity of a/martensite interface observed in the 

0.5 Si DFM steel since otherwise the metal1u lcal variables in the two 

1 were virtually identical. These pearlite type of carbides~ shown 

in g, 20 9 can be very susceptible to cracking upon deformation since 

t r 1 ions are distributed near the interface where localized stress 

ion ta place. 20 ,34 Under a sufficient applied stress, a 

such rmed crack within a carbide can lead to an interpacticle micro-

ferri and premature ilure the specimen, This resul 

ion of full ductility of the ferrite in the 0.5 Si DFM com-

This situation is analogous to that of a grain boundary cementite 

fi m has an important influence on the cleavage fracture strength of 
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low-carvon steels. 102 ,103 As is seen in Fig. 34, the difference in the 

values of elongation for the two steels is gradually diminishing as the 

volume fraction of martensite increases. Furthermore, the relative 

levels of the total elongation become equal at about 50% martensite. 

Incidentally this point of pct. martensite was observed to be the approx­

imate transition from heavy to much reduced precipitation of the carbides 

in the 0,5 Si SFM steel. Consequently, beyond this point, the elongation 

values of the 0.5 Si DFM steel are not significantly reduced by the car­

bides. Hence the trend for the lower values of elongation beyond 50% 

martensite in 2% Si DFM steel compared to 0.5% Si DFM steel may be due to 

the predominantly harmful influence of the higher amount of Si on tensile 

ductility. These observations provide a good indication of the role of 

the brittle carbides in the tensile behavior of the DFM steels, as ev­

idenced by the presence of small particles on the fracture surfaces 

(Fig. 49). 

The data in Fig. 34 also indicates that, for a given volume 

fraction of martensite, the values of elongation in silicon-bearing DFM 

steels are higher than those in chromium-containing alloys. The major 

reason for this is attributed to the difference in the connectivity of 

the martensite in the ferrite matrix. As noted in Figs. 5 and 6, while the 

martensite particles in Si containing DFM steels were discontinuous 

throughout the matrix, those of Cr containing DFM steels formed a contin­

uous network along the prior austenite grain boundaries as an inevitable 

product of the phase transformations in the system. The continuous sec­

ond phase particles will be directly loaded at their ends so that plastic 

deformation will involve breaking of the martensite particles in a 
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atively early stage prior to appreciable plastic deformation of the 

ile ferrite matrix. Contrarily, the deformation process in the DFM 

s with discontinuous particles (discontinuous DFM steels) is such 

t the continuous soft phase ferrite will accomodate the plastic flow 

th result that cracking of the martensite particles, if any, will 

occur at a later stage relative to the case of continuous second phase. 

, the initiation a crack will occur most easily in DFM steels 

th continuous networks (continuous DFM). Concerning the propagation of 

104 a such nucleated crack though the composite, Kunia et al. observed that 

t connected DFM steels deform in such a manner that the slip system was 

confined to {110} (111), hence the incipient crack triggers cleavage 

cracks in the ferrite regions, while the propagation of the crack in the 

d inuous DFM s s was impeded by t plas c blunting at the crack 

tip to the multiple slip available. The foregoing discussion 

on crack initiation and propagation suggests that the discontinuous 

DFM s have a preferred microstructure to those continuous DFM 

1s in terms of improved elongation at a given volume fraction of mar-

S1 addition the difference in the martensite connectivity 

prior au te in boundary the term connectivity of marten-

11 also inc1 a contribution resulting from the size and distri-

ion the martensite particles within the prior y grain. For instance, 

la particle size in Cr containing DFM 1s will be more 

with respect to the crack propagation through the particles than 

ne scale particles produced in Si bearing DFM steels. 

Considering aspects of crack initiation and propagation in 

t DFM • the connectivity of the strong phase martensite appears to 



~62-

play an important role in determining tensile ductility. At a given 

volume fraction the superior values of elongation of silicon bearing DFM 

steel to those of Cr-bearing steels are presumably the consequence of the 

above reasoning. 

Although it has been possible to isolate the effects of marten­

si geometry and microstructural features (carbides), the other control­

ling parameters mentioned earlier are difficult to single out. Certainly, 

the property data in Fig. 35 are the net result of the combined effect of 

the important structural parameters. Thus, from the proceeding discussion 

on the structure-property relations and strengthening mechamisms, the 

superior tensile property found in the duplex 2% Si steel are attributed 

to its favorable microstructural features which were produced according 

to the design principles: 

It consists of predominantly dislocated martensite in a fine, fibrous dis 

tribution, provides strong solid solution strengthening in ferrite through the 

effect of silicon, and improves the ferrite/martensite interface by in­

hibiting the formation of coarse carbides during the final quench. As 

discussed earlier, the strengthening components from a fine, fibrous mar-

morphology appear to two-fold; it offers more effective bar-

ers to the motion of disl ions 9 and simultaneously provides more 

efficient composite strengthening. 

In addition to the beneficial effect of Si on the production of 

OFM structures. silicon is a valuable alloying element since it opens up 

the (a+y) range when added to Fe-C system. as in Fig. 54. As a result 

small variations in annealing temperature in the (a +y) range do not 
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change composition significantly~ thereby assuring reproducibility of the 

material. Thus Fe/Si/O.' C steels appear to be very promising for duolex 

treatments as noted also in Japan.116-118 However, the published work on 

these steels does not appear to take into account the desirable marco- and 

microstructural morphologies which are obtainable under the limitation of 

ical feasibility. The desirable features have been illustrated in 

present work in the duplex Fe/2 Si/O.l C pct steel which exhibits 

tensile properties than those of Van 80 which is considered to be 

one the best commercial HSLA steels. The possibility of using these 

DFM s for automotive applications e.g. to replace conventional 1010 

s is apparent. The data in Table VIr indicate that the tensile prop­

ies achieved in this new steel already exceeds the industrial goals for 

HSLA steels for the automobile industry. 

Thermal Stabil; 

In this section concerning tempered DFM structure-property 

rel ions only two alloys (2 and 4) of which microstructural changes have 

characterized will be considered in the discussion. The tempering 

response of the Dn~ steel s as a measure of the; r thermal stabil ity is 

s in Figs. 40 and 41. Since tempering treatments result in the micro-

changes in both at the matrix (ferrite) and second phase (mar­

)~ the final mechanical properties of the DFM steels will be deter-

according to the corresponding property changes in the individual 

constituents. 
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Up to 400° ( tempering. the strength of the ferrite is expected 

to remain nearly constant. This is because i) the carbon was not fully 

drained from the ferrite, ii) the dislocation density was not dramatic-

ally reduced, and iii) the solid solution strengthening due to carbon 

can be counterbalanced by the precipitation strengthening resulting from 

the dispersion of Fe3C particles. On the other hand, strength of the mar­

tensite is likely to show a decreasing trend following those for the fully 

martensite structure as shown in Fig. 38.~ Nevertheless, Fig. 40 shows non-

varying yield strength of the two alloys with respect to the tempering 

temperature up to 400°(. This suggests that the yield strengths of the 

alloys are not affected by the variation of martensite strength, i.eo, 

yield strength is insensitive to the strength or hardness of the second 

phase, and is only determined by the flow properties of the ferrite. This 

It · . t ·th th 1· b t· 60,70,99 resu 1S 1n agreemen Wl e ear ler 0 servalon. 

While the yield strength of the composite is related only to the 

strength of the ferrite matrix, variations of tensile strength as a func-

tion of tempering temperature seems to be associated with the softening of 

the martensite. This can be readily understood with the aid of Fig. 40 

and Eq. L In Eq. 1 Vf , Va' and 00, are constants in this case, hence the 

composite strength (oc) ;s a function of om (martensite strength). Upon 

tempering, therefore, variations of 0c will show the patterns of the be­

fmvior of om. Evidently, this is shown in the tensile curves for the two 

il lays in Fig. 40. It should be noted, however, that as tempering temper­

ature increased, the composite tensile strength decreases with a much slower 

than that of 100% martensite due to the non-varying strength contribu-

tion from the ferrite. The foregoing discussion will be valid only if the 
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ferrite constituent occupies sufficient volume fraction. For instance, 

the 0.5% Si DFM steel contains approximately 70% martensite (30% ferrite) 

and thus its yield and tensile strength variations are strongly influenced 

by the martensite properties as indicated in Fig. 40. 

Contrary to the strength variaitions upon tempering, the temper-

ing response of the tensile ductility appears to be very sensitive to the 

crostructural changes occurring both in the ferrite and martensite. 

is can be seen in Figs. 39 and 41. After tempering at 200°C, negligible 

martensite softening as evidenced by the microstructure characterization, 

coupl ed wi th the segregati on of carbon atoms to 1 atti ce defects, apparently 

resulted in a slight decrease in the elongation of alloy 4 which is 100% 

martensite, as shown in Fig. 39. Nevertheless, the values of elongation, 

es ial1y total elongation of the composite, shows a sharp initial in-

crease in Fig. 41. Therefore, this increase must be related to the change 

'in ductil ity of the ferrite after 20QoC caused by a partialdeplet.ion of car-

bon atoms from the solution as well as defects to form coarse cementite. 

Evidently, this resulted in improved ductility of the ferrite matrix and 

eventually of the composite. It is interesting to note that the improve­

ment of composite ductility (after 200°C) is achieved without a significant 

sacrifice in strength. This result can make use of the paint baking process 

if t material is applied to the automobile industry. 

After 400°C tempering, the strength of the fully martensitic 

s decreased with an attendant increase in elongation, as shown in 

igs" 38- At the same time, the ductility of the ferrite constituent is 

expected to be somewhat improved since the coarse widm'anstatten cementite 

was not present, and is probably transferred to the martensite regions, as 
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discussed earlier. Nevertheless, the DFM composite consisting of the 

martensite and ferrite, with improved ductility. showed a decrease in 

elongation, as seen in Fig. 41. This is probably due to the significant 

morphological changes in the martensite particles which were heavily as­

sociated with coarsened and spheroidized cementite, particularly along 

the ferrite/martensite interfaces. These carbides which were situated 

the regions where stress concentrations occur can cause premature 

failure by means of interface decohesion or carbide cracking. 

At 60QoC tempering, the composite is no more a DFM structure, 

but a ferrite-carbide aggregate. Both of the ferrite and former marten­

site regions become completely ductile, away from the presence of the 

spherical carbides. Thus. there is a small increase in the elongation, 

but this is accompanied by a significant decrease in strength. Comparing 

the tensile properties of 2% Si composite structure tempered at 200° C 

(which is a DFM structure) and at 60ifC (which is a ferrite-carbide aggre­

gate), one notes that DFM structure offers superior properties. 

The following is a summary of the discussion in this section: 

(1) The yield strength of the two DFM structures (~25% martensite) 

was determined by the flow stress of the ferrite, and was not 

affected by the strength of the martensite. 

(2) The as-quenched yield strength was maintained up to 40ifC tem­

pering for 1 hour. The tensile strength of the composite, how­

ever, showed a gradual decrease with increasing temperature. but 

with a much slower rate than that of 100% martensite. 
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(3) Tempering at 200°C for 1 hour resulted in improvement of ten­

sile ductility without significant loss in strength. A higher 

tempering temperature resulted in no further improvement in 

tensile properties. 

(4) The DFM structures showed superior tensile properties than the 

ferrite-carbide aggregate with otherwise similar metallurgical 

variables. 

above conclusions could be established from a fundamental understand-

ing of the tempered duplex microstructure~property relations. 

Reduction in Area 

The advent of techniques such as TEM led to numerous excellent 

papers devoted to structure-property relations. Unfortunately. however. 

reduction in area is one of the mechanical properties whose correlation 

with microstructural features has not been completely established. The 

1 lack of data in the literature concerning the influence of the 

microstructural variable on reduction in area may be due to the complexity 

analysis and inconsistent results depending upon the systems studied. 

It has been known that the most important structural factors 

a ing reduction in area is the volume fraction the second phase 

icles. 105 However, this conclusion is not consistent with the results 

in the present investigation. For instance, the values of reduc-

t on in area for the DFM alloy 4 remain almost unchanged over a wide range 

site volume fractions, while those of the other alloys show 

va ous responses, as shown in Fig. 37. It appears from Fig. 37 that 60% 
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volume fraction corresponds to the maxima or minima of the curves. It 

is not certain, however, what structural factors are affecting the shapes 

of the curves. 

For a fixed percent of martensite, the variations of the reduc­

tion in area with respect to tempering temperature (Fig. 42) show similar 

patterns of behavior as those of elongation (Fig. 41), but with different 

magnitudes. 

Thus, the influence of the tempered microstructure on the reduc­

tion in area may be explained as before. However, this investigation does 

not include an attempt to establish correl ions of the duplex microstruc­

ture with reduction in area. 

(b) Impact Properties 

From Figs. 43-45, one notes that the impact properties of the 

DFM steels are strongly affected by the three major structural factors: 

morphology (shape, size and distribution) of DFM structure, volume fraction 

of martensite, and toughness (carbon content) of the martensite particles. 

The last two factors are correlated to each other since the carbon content 

is a linear function of the volume fraction of martensite. 

As the volume fraction decreases it is expected: 

(1) The connectivity of martensite will decrease, thus reSUlting in 

better impact properties. 

(2) Concurrently, toughness of the martensite will decrease due to 

increased carbon enrichment, thereby decreasing impact properties 

since the carbon level has a drastic effect on reducing notched 

impact energy and DBTT.4 
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Therefore. for a given morphology of OFM structure, the observed effect 

of volume fraction on the impact properties will be determined by the 

balance between the two opposing factors. 

For the 0.5 Cr OFM structure tested up to room temperature, the 

energy curve with higher volume fraction (90% Ms) exhibited better impact 

energy, and showed an apparent OBTT, (Fractography study indicated that 

re surfaces corresponding to the apparent upper and lower shelves 

showed all quasi-cleavage without any evidence of the change in the frac-

mode. It should be noted,therefore, that the transition temperature 

s not represent the true DBTT that is measured from the standard spe-

imen, since the OBTT is greatly sensitive to the triaxiality of the stress 

around a notch caused by different specimen geometry.) while no OBTT was 

in the one with the lower volume fraction ( Ms). This result 

due to the fact that the toughness factor has an overwhelming in-

uence on the notched impact toughness compared to the connectivity (as 

determined by volume fraction) factors. 

In contrast, the 2% Si OFM structure yielded essentially identi-

energy curves for two different volume fractions of martensite, as is 

seen from Fig. 44. This means that toughness and connectivity factors 

counterbalanced each other to result in no variations in the curves, The 

of the apparent OBTT at 60% martensite of 0.5% Si OFM steel in-

di that some adjacent needle-like martensite particles joined to-

at this high volume fraction, and thus resulted in the similar be-

lor as that of 0,5% Cr steel, On the other hand, as for 2% Si DFM, the 

individual martensite particles are still separated and surrounded by the 

te matrix at 60% martensite, maintaining the same fibrous morphology 
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as that of 30% martensite, thereby resulting in identical energy curves 

for the two volume fra ions. 

The above observations indicate the significant role of the 

duplex structural features in determining impact properties with respect 

to the volume fraction of martensi gure compares the impact 

properties for alloys 2 and 4 the same volume ion (35% Ms), show-

1ng that fine, brous DFM are to the other micro-

res g. 5) in terms of the improved notched impact energy. 

(c) gin of the ior ne i es 

DFM structure is a composi consi ing of a ductile matrix 

ite) and a strong second phase (martensite) same component 

system. As in many other compos; , the martensite constituent carries 

the major portion of the applied 1 

will be as follows: 

role ite matrix 

(1) The matrix bi the ma s"ite cles together, and pro-

vides the means through which the applied load is effectively 

sferred into strong particles. 

(2 ) It wi 11 so t s are i 50"1 and contained 

within the i ivi 1 es propagating contin 

uously and catastrophically through composite. 

(3) v.Ji 1 "I a mec ism s C

l owi ng down cracks that might 

ve origin cleso 

In t '!a rs, a number invest; have reported the ex-

J, y ive res DFM structures, leading to an intensive L 
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development program. 6- 14 Questions have arisen as to what makes the DFM 

structure so superior, Unfortunately~ no fundamental understanding of the 

origin of the superior properties appears so far in the literature. 

Therefore, based on the present investigation, the following 

tures are suggested as the origin: 

1) high purity of ferrite; 

2) strong and tough martensite; 

3) equal elastic constants; 

4) good coherency at the ferrite/martensite interface, 

The important role of these factors in determining tensile be-

havior has been discussed in the preceding sections, but is briefly sum-

marized here. 

The nature of the phase transformations occurring in the (a +y) 

produces ferrite, free from any coarse precipitation, with an ex-

tremely low quantity of interstitial elements. Such pure ferrite will 

mize its functions during composite action. Indirect evidence for 

this was that further improvement of the ferrite ductility after 20QoC 

discus 

ing resulted in the enhanced tensile ductility of the composite as 

before. 

With regard to the toughness of martensite. the total alloy 

ition in the y during two phase annealing is controlled so as to 

both strong and tough martensite after quenching, Therefore, 

un'li the other composites in which the strong second phase is brittle 

in ma cases, the strong and tough martensi particles in DFM steels 

11 allow the full exploitation of the ferrite ductility to be realized, 
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Equality of the elastic modulus between the martensite and the 

ite will also play an important role in suppressing early yielding. 

This is accomplished by eliminating stress concentration, as described 

Good coherency will prevent interface decohesion. In addition, 

since t nature of the ferrite/martensite interface showed a high degree 

cy. the coherency strain can also contribute to strengthening, 

es ially by increasing the interaction distance between dislocations 

t martensite particles. This will lead to additional contributions 

to t flow stress of the composite. 

The factors listed above describe the general attractive fea­

tures of all DFM structures. Superior tensile properties among the other 

DFM alloys have been achieved with the new 2% Si DFM steel through the 

con ideration of desirable micro- and macrostructural features on top of 

t four factors listed. 
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IV. LATTICE IMAGING OF CARBON STEELS 

A. INTRODUCTION 

High resolution electron microscopy has been shown to give new 

• c , • d f J 106 d h t ft· . 1 . d 107-109 I lnTOrmaClOn on e eccs an p ase rans orma lons m so 1 s. n a con-

tinu"lng program lattice fringe imaging of alloys, we have applied this 

technique to the martensitic transformation in steels in order to charac-

ze the atomic environments near twin, lath and a/martensite boundaries. 

This section describes current progress in this program. 

B. EXPERIMENTAL 

TEM specimens used for this study were cut from the 2% Si DFM 

s s containing about 20% martensite. Thin foils were prepared by the 

same techniques descri in ion III-8-5. Lattice images and the 

corresponding electron diffraction patterns were taken using a Philips 

EM 301 transmission electron microscope. Optical diffraction patterns 

were obtained using a standard optical diffractometer with a He-Ne laser 

illumination source. Orientation of the foil was chosen such that {110} 
a 

could be imaged since {110}a planes have the largest d spacing 

10 ~ 2.03A). Detailed experimental procedures for lattice fringe 

ing and interpretation of the fringes are described elsewhere.1IO 
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C, RESULTS AND DISCUSSION 

L 1att'iceFringe Images of Twin~ Lathand a/Martensite Boundaries 

Figure 55 A and B show lattice image and conventional bright 

d image of the same area of a duplex Fe/2Si/0,lC steel described 

before, The microstructure consi of internally twinned martensite 

(M) embedded in a ferrite matrix (F), Use of the beam tilted illumina-

tion hnique incorporating a twin reflection produced {llO} fringes 

across the microtwins. A group of microtwins thus obtained are illustrated 

in Fig. 55 A with the corresponding selected area diffraction pattern, 

The (OlT)m and (OT1)T fri nges make an angl e of 73° wi th the (121) twi n 

interface which appears to be perfectly coherent and shows classical mirror 

refl on. The fringes running in the direction of the twin interface 

wi larger periodicity than that of {110} planes are Moire fringes, 

The fringe spacing,A~ for two crystals which differ in orientation is 

9'iven by111 

d A - ~ 
n 

d ~ 2,03A., the spacing between two adjacent (110) planes, and n 

angle between two orientation with respect to the incident beam, is 
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~34°o Substitution of these values to the above equation yields 

A ~ 3.43A. This value is in good agreement with the measured average 

spacing (~3.46A) of the Moire fringes. Correlation between lattice 

fringes and the indexed diffraction pattern sho~ that the twinning plane 

is parallel to the incident electron beam. This and the appearance of 

Moire fringes suggest that the microtwins do not make up the total thick­

ness of the foil. 

Figure 55 C displays {110} lattice fringes, showing the atomic 

arrangement near a martensite lath boundary. As the (110) fringes cross 

the boundary, they are distorted but are continuous except for occasional 

end-on dislocations. This is also illustrated in Fig. 56 where the areas 

associated with black patches represent a martensite lath boundary which is 

inclined with respect to the incident beam. Similar continuity of lattice 

fringes is shown at the a/martensite boundary (Fig. 57), where the 

martensite region is distinguished by black and white patches probab1y 

due to the high density of dislocations. The arrows indicate the inter-

which corresponds to the encircled area in the bright field micrograph 

(Fig. 57 a). The continuity in this case is interpreted as follows. 

Assuming the K-S orientation relationship holds in the a + y mixture at 

950°C then for (lll)y the particular variant of the six possible {llO}a 

11 be the (lOl)a which already exists parallel to (lll)y across the 

gina1 y - a interface. Hence on transformation y + a, (lll)y becomes 

(1 )a parallel to (lOl)a in the pre-existing ferrite. This is consistent 

with the measured d spacings. 
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2. Carbon Analysis 

It has been emphasized in a preceeding section that the carbon 

content of the martensite is an important structural parameter in 

determining mechanical properties, in particular impact properties, of 

DFM steels. However, any attempt to determine the carbon concentration 

from equilibrium phase diagram will be inaccurate since the two phase 

annealing for 20 minutes is a non-equilibrium reaction. Analytical 

measurements involving x-ray and electron probe techniques become extremely 

di cult for the submicron martensite particles (e.g. Fig 19 ), Lattice 

fringe imaging, however, is a powerful technique in analyzing extremely 

localized chemical composition. 

In this study carbon concentration was measured directly from 

the lattice fringe images using the rel ionship between carbon content 

and the tetragonality of martensite. The tetragonality of martensite, 

iee. the mean anisotropic distortion of the lattice, increases with 

<increasing carbon content, and is given by1l2 

C = 2.8664 + 0.116 x wt. % C 

A = 2.8664 0.013 x wt. % C 

( 5 ) 

( 6 ) 

d spacing of a (hkl) plane for a tetragonal structure is related to 

corresponding lattice parameter as follows: 
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In Fig. 57 the ferrite (no tetragonality) and martensite phases are 

separated by the interface. The average fringe spacing directly 

measured in the martensite region was appreciably larger than that in 

the ferrite, indicating that the C-axis is not parallel to the lattice 

fringes (i.e. in equation 7, i + 0). Optical diffraction patterns 

taken from the areas of the ferrite, martensite, and a/martensite inter-

are shown in Fig. 58 ,where d,Ol (assuming the {l10} plane was 

specifically (101) plane) spacings of the ferrite and the martensite 

are shown to be unequal. A slight change in orientation across the 

interface is also seen in the figure. 

For the specific case of Fig. 57, equation 7 reduces to 

1 
C:: 2 a 

1 + ~~ 

2 c 
( 8 ) 

The d101 value for the martensite should not be obtained from direct 

measurement of the average fringe spacing since this is based on the 

microscope magnification whose accuracy is not always guaranteed, 

Therefore. d101 for the ferrite is taken as reference, and on this 

relative basis d101 for the martensite is determined. Thus measured 

d101 as well as a and c in equations 5 and 6 respectively are 

substituted to equation 8 to obtain the required carbon content in 

the martensi For the DFM structure in Figo 57, d101 in the 

martensite was determined to be ~2005A, and the corresponding carbon 
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content was found to be -0.65 wt, %. This value of carbon concentration 

in the martensite is slightly higher than that predicted from the Fe-C 

equilibrium phase diagram (~O.45 wt. %) corresponding to approximately 

20 pct. volume fraction of martensite. It should be noted, however, that 

in general two sets of {llO} lattice fringe images with different indices 

11 be required to ascertain that at least one of them shows the tetra­

gonality of martensite. 

The principal difficulties encountered in imaging lattice fringes 

in martensitic steels are associated with (i) relatively small lattice 

spacings (largest d = 2.03A), (ii) correction of objective astigmatism 

due to the magnetic field of the specimen, and (iii) very high, localized 

in fields in the structure. This investigation demonstrates, however, 

that the lattice imaging technique can be successfully applied to the 

martensitic transformation in steels. 
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v. SUMMARY AND CONCLUSIONS 

This investigation has been aimed at designing superior DFM 

steels which can meet today's energy and resource conservation require­

ments, together with the characterization of duplex microstructure-property 

relationships. From this study the following conclusions have been drawn: 

1. DFM steel is a two phase alloy containing a controlled 

amount of martensite in a ferrite matrix to develop the desired combina­

tion of strength and formability. Selection principles for improved 

mechanical properties of DFM steels have been proposed in order to obtain 

desirable microstructural characteristics which in turn result in desirable 

mechanical properties. Design variables include martensite volume frac­

tion, morphology and properties of the constituent phases, microstructural 

features, and nature of interface. 

2. The alloy, of comoosition Fe/?%Si/O.l%C, has been selected 

according to the selection principles. Duplex treatment for this new steel 

resulted in a fine, fibrous, and discontinuous distribution of martensite 

particles in a ferrite matrix. 

(i) Tensile test of the 2% Si DFM steel showed attractive 

properties, e.g. yield strength ~70 KSi, tensile strength ~112 KS;, 

uniform elongation ~15%, and total elongation ~25% at about 40% martensite. 

A wide range of desirable properties is obtainable by controlling the amount 

martensite volume fraction. 

(ii) These properties are superior to a series of Cr and Mn 

containing DFM steels, and to some selective commercial HSLA steels 
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including Van 80. Moreover, they already exceed the industrial goals 

for HSLA steels for the automobile industry. 

(iii) The superior tensile properties found in the duplex 2% 

Si steel are attributed to silicon being one of the alloying elements 

which most favorably control the design variables: Promoting dislocated 

martensite in a fine, fibrous, and discontinuous distribution, providing 

solid solution strengthening in the ferrite, and improving the a/martensite 

interface by inhibiting the formation of coarse carbides during the final 

quench. 

In addition Si broadens the (a + y) range when added to the 

C system so that small temperature variations in the two phase region 

do not change composition significantly, thereby assuring reproducibility 

of material manufacture. 

3. It appears that the mechanical behavior of DFM 1 is 

controlled by both microscopic (dislocation) and macroscopic (fiber 

loading) mechanisms. 

4. Stress-strain characteristics of the Si containing DFM 

1s were as follows: 

(;) Extremely high rate of work hardening in the early stage 

ic deformation (~ 3% elongation). 

(ii) Smooth transition from elastic to plastic deformation 

without showing yield point phenomena. 

(iii) High ratio of tensile/yield strength and good elongation 

to necking. 

se features are indicative of excellent formability. 
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5. Over the range of 15~ 80% martensite the rule for two 

phase mixtures appears to hold as a fairly good approximation of the 

tensile behavior of the duplex systems. 

6. It was found that the volume fraction and connectivity of 

martensite as well as the presence of coarse carbides near the a/martensite 

interface play an important role in determining tensile properties. The 

effects of the other design parameters could not be isolated in this 

investigation. 

7. Tempering experiments led to the following conclusions: 

(i) Yield strength of DFM structures (-25% martensite) was 

determined by the flow stress of the ferrite, and was not affected by 

the strength of martensite. 

(ii) Yield strength level was maintained up to 400°C tempering 

for 1 hour. Tensile strength of the composite showed gradual decrease 

with increasing tempering temperature, but with much slower rate than 

that of 100% martensite. 

(iii) Tempering at 200°C for 1 hour resulted in the improvement 

of tensile ductility without attendant loss of strength. Higher tempering 

temperature resulted in no further improvement in tensile properties. 

Above conclusions have been established from the tempered duplex micro­

structure-property relationships. 

8. Impact properties were strongly influenced by the connectiv­

ity, carbon concentration, and volume fraction of martensite. 
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9. It appears that the following factors are the origin of 

the superior tensile properties found generally in DFM steels: 

(i) High purity of ferrite matrix. 

(ii) Both strong and tough martensite as a second phase 

constituent. 

(iii) Equal elastic constants. 

(iv) Good coherency at the a/martensite interface. 

10. Phase transformation studies resulted in the following 

conclusions: 

(i) The concept of a concentration "spike" at the advancing 

a/y boundaries has been introduced as an explanation as to how the alloy 

element influences the morphology of duplex microstructural constituent 

in Fe/x/O.l C alloys. 

(ii) Competitive processes between the ferrite and martensite 

determines the tempering response of the DFM structures. 

(iii) Lattice fringe imaging of the a/martensite interface 

revealed that {llO} fringes were continuous across the interface, 

indicating good coherency. 

(iv) It has been shown that lattice imaging technique can be 

successfully applied to phase transformations in steels. 
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VI, REMARKS 

It is only in the last two years that the extremely attractive 

feature of DFM structures, coupled with practical feasibility and economy 

production, have been realized, Consequently this has triggered inten­

sive and ever-growing research programs, The automotive industry is 

especially interested in such programs since the DFM steels can help 

designers achieve significant fuel economies through weight reduction, 

In so far as broad principles have now been established, it should be 

possible to design DFM alloys in a considerably more precise manner. 

However, much more work is required to complete the picture. For instance, 

a variety of DFM structures can be developed using many different 

processing techniques (Fig, 1). Each technique and alloy composition 

should be looked into separately depending upon specific property 

requirements, manufacturing capabilities, and costs involved, 

DFM structures have been shown favorable for other engineering 

properties such as fatigue endurance, weldability, and impact resistance. 

Thus it appears that the special features of DFM steels can be utilized 

to advantage to a much greater degree than is appreciated at this time. 
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TABLE I. ALLOY COMPOSITIONS AND Ms' Mf, As' Af TEMPERATURES 

Alloy 
Number Fe C Cr 5i 

2 BaL 0.06 0.49 550 446 755 910 

BaL 0.07 2.02 450 350 755 890 

5 BaL 0.073 4.00 440 320 755 810 

6 SaL 0.075 0.49 560 480 740 930 

4 SaL 0.065 2.02 555 480 742 1020 
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TABLE II, ANNEALING TEMPERATURES IN THE (a + y) RANGE, 

Specimen 
Designation 

Sl 

52 

S3 

Volume Pet. 
Martens He 

20 

40 

60 

2 

815 

860 

880 

815 

830 

850 

5 

812 

817 

822 

6 

850 

880 

910 

4 

950 

990 

1015 



TABLE III. TENSILE TEST SUMMARY (UNTEMPERED). 

Spec; % YS UTS e % e~% R.A. 
Martensite (KSi) (KS"i) (uni¥orm) (tofal) (%) 

2A* 100 113 134 3 15 74 
2S1** 15 47 79 15 24 58 
2S2 35-40 63 93 11 22 74 
2S3 65 79 101 6 19 79 

lA 100 110 132 5 11 41 
1 S 1 20-25 62 93 12 20 38 
1S2 60 69 101 9 14 34 
lS3 85 80 116 7 11 37 

~~-- ~~. ~ ... ~ .. ~ ~. ~ 

5A 100 130 156 4 15 67 
5S1 30 61 87 7 13 46 
5S2 40 66 98 6 11 36 
5S3 55-60 73 109 6 10 30 

~-~~.~ 

6A 100 135 160 4 10 59 
6S1 15-20 61 95 14 25 66 
6S2 40-45 68 102 12 23 69 
6S3 70 77 105 -10 21 67 

.~.~~~. ~-~-~~--

4A 100 128 154 5 15 60 
4S1 25-30 63 109 17 27 60 
4S2 35-40 70 112 15 25 59 
4S3 45~50 78 121 14 23 59 

* "A" refers to the initial martensitic microstructure. 

** !lSIl refers to the specimen given two phase annealing. 

t The numbers preceding the letters pertain to the alloy numbers. 



Specimen* 

2A 
2ATl 
2AT2 
2An 

5A 
SATl 
5AT2 
SAn 

6A 
6ATl 
6AT2 
6An 

4A 
4ATl 
4AT2 
4An 
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TABLE IVo TENSILE TEST SUMMARY 

(TEMPERED 100% MARTENSITE) 

Tempering YS UTS e u(%) 
Temperature(OC) ( ksi) (ksi) ( unlform) 

AQ 
200 134 158 2.5 
400 121 131 2 
600 72 83 7 

AQ 
200 140 171 205 
400 135 156 2 
600 88 101 5 

AQ 
200 137 165 3,5 
400 112 123 4 
600 72 85 9 

AQ 141 173 5 
200 139 170 4 
400 133 148 4 
600 86 102 13 

* The numbers preceeding letters denote alloy numbers. 

eT% 
(total) 

11 
13 
20 

11 
11 
18 

13 
16 
20 

13 
12 
15 
25 



Specimen 

2ST1 
2ST2 
2ST3 

5ST1 
55T2 
5ST3 

65 
6STl 
65T2 
65T3 

~-~-~.-. 

45Tl 
45T2 
4ST3 

% 
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TABLE Vo TENSILE TEST SUMMARY 

(TEMPERED DUPLEX STRUCTURE) 

Tempering YS UTS 
Martensite Tempo (OC) (ks i ) (k s i ) 

35~40 AQ 65 92 
200 62 85 
400 60 79 
600 46 62 

30 AQ 59 87 
200 68 93 
400 51 76 
600 48 67 

70 AQ 75 117 
200 
400 54 82 
600 47 70 

30 AQ 65 110 
200 59 103 
400 60 96 
600 56 76 

au 6T RoAo 
(%) (%) (%) 

10 22 72 
10 23 77 
8 23 82 

13 29 87 

8 13 42 
5 11 43 
8 17 57 

11 27 85 

10 19 

11 26 
17 29 

16 23 59 
17 30 70 
16 28 73 
17 30 77 



Dup 
All 

2 

1 ex 
oys 

S 

. 

6 S 

4 S 

, 1 

} 

TABLE VI. CHARPY IMPACT PROPERTIES 

(t SUBSIZE SPECIMEN) 

VoL Pet. Testin~mperatures (OC) 
Martensite 

-75 -50 20 0 

35 -1.8 ± 0.5 2.2 ± 0.0 3.0±0.1 3.5 ± 0 

90 3.2 ± 0,0 3.5 ± 0.2 4.2 ± 1. 0 9.2 ± 0.3 

3~35 2.0 ± 0.1 3.6 ± 0.3 4.5 ± 0.3 7.8 ± 0.4 

60 3.0 ± 0.4 4.0 ± LO 5.5 ± 0.4 16.0 ± 1,1 
-

3~35 2.2 ± 0.4 3.2 ± 0.4 4.4 ± 0.6 7.3 ± 0.4 

60 2.4 ± 0.1 2.9 ± O. 1 4.0 ± 0.4 7.0 ± 1.5 

24 

4.3 ± 0.2 

9.5 ± 0.5 

16.4 ± 2.2 

20.2 ± 1.3 

17.0 ± 2.0 

15.0 ± 3.0 



y 

R.T J Q 

a+y 

® 
Q 
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TABLE VII. 

FORM AGE (e,g, PAINT CYCLE) AS RECEIVED 
START-IOO''Io MART. 

HSLA DESIGN GOALS ~ 

~ 
2 % offset 68 ksi ,~ 

Final strength 80 ksi 

t { Total elongotion requiremenl 18% or more} 

WEIGHT SAVINGS 
FUEL SAVINGS 
LOWER COSTS 

NEW STEEL Fe/2%Si/O,I% e(l) 
Ms: 555°C, As:742°C, A( 1020°C 

Treatment % Ms Y S, U.TS, % UnifEI. % Tot. EL R.A. 
ks i ksi 

CD A,Q, 100 128 154 5 15 60 
" 

CD +® 25-30 63 109 17 27 60 
-, 

dIf, 
II 35-40 70 112 15 25 59 

""" 
" 45-50 78 121 14 23 53 

(0+ ® + Q) (200°) 30 59 103 17 30 70 

(I) No alloy carbide formers ,', HS L A not needed 
XBL 761 - 6303 
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FIGURE CAPTIONS 

Fig. 1. Schematic diagram of many different ways of heat treatment to 

produce controlled DFM structures. 

Fig, 2. (a) Schematic diagram showing orientation of Charpy impact 

specimen in the forged plate. (b) Sketch of dilatometer 

specimen. 

Fig, 3. Schematic representation of duplex treatment used in this in­

vestigation, 

Fig. 4. Optical micrographs of the initial martensitic structures. 

(a) Cr steels, and (b) S, steels. 

Fig, 5, Optical micrograph of DFM structures developed in alloy 2 

(Fe/0.5 Cr/0.1 C). 

Fig. 6, Optical micrograph of DFM structures developed in alloy 5 

(Fe/4 Cr/O,1 C). (a) Early stage structure and (b) late 

reaction time structure. 

Fig. 7. Optical micrograph of DFM structure developed in alloy 4 

(Fe/2% Si/O,1 C), 
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Fig. 8. Transmission electron micrographs revealing interlath retained 

austenite in the 100% martensite structures. (a) Bright field 

image. (b) Retained austenite reversed contrast in dark field 

image. (c) Selected area diffraction (SAD) pattern of (a). 

(002) spot was imaged for dark field (b). (d) Indexing of 

the diffraction pattern in (c), showing K-S orientation rela-

tionship, < 111) 11(110). This particular micrographs were 
ex y 

obtained from 2% Si steel, but morphology of the retained aus-

tenite was similar in all the alloys. 

Fig. 9. Another area of the initial martensite structure (a), showing 

retained austenite trapped between two martensite laths in (b). 

Fig. 10. Bright field (a) and dark dirld (b) of retained austenite in 

the 100% martensite of specimen 2. SAD of (a) is shown in (c), 

where (220) spot used for dark field is marked by the image of 
y 

objective aperture. Indexing of SAD reveals the N-W orientation 

relationship between BCe and FCC. 

Fig. 11. Bright field (a) and dark field (b) of auto-tempered carbides 

in specimen SA (fully martensitic 4 Cr steel). Dark field (b) 

obtained by (210) carbide spot reverses contrast of carbides. 

(c) SAD of (a)o (d) The carbides were identified as cementite 

(Fe3C) by indexing of diffraction pattern (c)o 

Fig, 12, Bright field (a) and dark field (b) of auto-tempered carbides 

in specimen 2A. 
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Fig. 13. Morphology of auto-tempered carbides observed in specimen 

4A (100% martensite). (a) Bright field image and (b) dark 

field image of carbides (Fe3C). 

Fig. 14. Typical twinned area in the martensite phase of Cr containing 

DFM steels (~ 20% martensite). (a) Bright field and (b) dark 

field image of the twins. (c) SAD of (a). (d) Indexed diffrac­

tion pattern. (101)T spot was used for imaging dark field (b). 

Fig. 15. Martensite region showing an area of internal microtwins in 

the 2% Si DFM steel. (a) Bright field, and (b) dark field 

image showing reversal of twin contrast. (c) SAD of (a). The 

streaks in the diffraction pattern are due to extremely thin 

layers of the microtwins. (d) Indexing of diffraction pattern 

(c) identifies the twin spots. 

Fig. 16. Composite electron micrographs showing extensive auto-tempered 

carbides in the martensite constituents of the 0.5 Cr DFM 

steel. (a) Bright field and (b) dark field of the carbides. 

Matrix image is also shown in the dark field image since a car-

bide spot superimposed with a matrix spot was imaged. 

Fig. 17. Auto-tempered carbides in the martensite phase of DFM steels. 

(a) DFM alloy 4. (b) DFM alloy 6. a/martensite interfaces are 

shown in both bright field micrographs. 
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Fig. 18. Dislocation substructures in ferrite regions of Cr DFM steels. 

(a) Dislocations rearranged to form sub-boundaries. (b) Another 

ferrite region showing high dislocation density. The fresh dis~ 

locations in (b) were generated by the y ~ martensite transfor­

mation strain during the final quench. Nearby martensite is­

land is also visible. 

Fig. 19. Transmission electronmicrographs showing fibrous DFM structures 

developed in the 2 pct Si steel. In both micrographs (a) and 

(b), two parallel needles are martensite phase surrounded by 

ferrite with a high density of dislocations. 

Fig. 20. Morphology of heavy precipitation of carbides in the immediate 

vicinity of a/martensite boundaries in 1010 steel. The similar 

type of eutectioid transformation product was observed only in 

DFM alloys 2 and 6. (a) Bright field and (b) dark field of the 

carbides. (c) Bright field image showing interface precipita~ 

tion morphology. (d) Bright field image of fibrous morphology 

of the carbides. 

Fig. 21. Similar type of carbides as in Fig. 20. (a) Bright field and 

(b) dark field image of the carbides observed in DFM alloy 6. 

(c) Bright field and (d) dark field of the carbides in DFM 

alloy 20 
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Figs. 22-32. Transmission electron micrographs of tempered DFM struc­

tures. 

Fig. 22, (a) Bright field and (b) dark field pair showing precipitation 

of coarse carbides in a ferrite region of the 0.5 Cr DFM steel 

tempered at 2000 C for 1 hour, (c) SAD of (a), (d) The coarse 

carbides, ~ 170 A wide and ~~ 1500A long were identified as 

cementite by indexing diffraction pattern. 

Fig. 23, Bright field (a) and dark field (b) of the carbides present in 

a ferrite region of the 2% Si DFM alloy after tempering at 

2000 C for 1 hour. The carbides were identified as cementite. 

Fig. 24. Transmission electron micrograph of a ferrite region in the 

0,5 Cr DFM steel after 200°C tempering for 1 hour, showing 

finely dispersed precipitation on dislocations and at sub-

boundaries, (a) Bright field image does not clearly resolve 

the fine scale precipitates, However, weak beam image (b) 

shows greatly improved resolution of the heterogeneous precip­

itation on dislocations and at sub-boundaries. (g, 3g) weak 

beam imaging condition was used ((a) inset), 

Fig. 25. The same as Fig. 24, but in the 2% Si DFM steel. 

Fig. 26. Martensite region showing carbide precipitation in the 2% Si 

DFM steel after tempering at 2000 C for 1 hour. 
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Fig. 27. Transmission electron micrograph of a ferrite region in the 

0.5 Cr DFM steel after 4000 C tempering for 1 hour. The same 

explanation as in Fig. 24 is applied here for the bright field 

(a) and weak beam image (b). Note that, after 40if C temper­

ing for an hour, the fine scale precipitation on dislocations 

is still visible in the weak beam picture. The same morphology 

of the ferrite matrix was observed in the 2% Si DFM alloy. 

Fig. 28. Transmission electron micrograph of a martensite region in 

contact with ferrite matrix, tempered at 40if C for 1 hour 

(specimen 2ST2). Bright field (a) and corresponding dark 

field (b) pictures illustrate the precipitation of spheroid­

ized carbides along a/martensite and lath boundaries. (c) 

SAD of (a). (d) Indexed diffraction pattern identifies the 

carbides as cementite. 

Fig. 29. Composite electron micrograph showing extensive precipitation 

of carbides observed in specimen 4ST2. (a) Bright field and 

(b) dark field pictures. Corresponding SAD and indexing were 

the same as in Fig. 28. 

Fig. 30. DFM structures tempered at 6000 C for 1 hour (specimen 2ST3). 

Bright field (a) and dark field (b) pair showing precipitation 

of large carbides only in the martensite regions. (c) SAD of 

(a)o (d) Indexed diffraction pattern identifying the carbides 
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as cementite. ''F"-ferrite matrix. "M" -previous martensite 

region. 

Fig. 31. Bright field (a) and dark field (b) pictures observed in spec­

imen 4ST3, showing large, spheroidized carbides in the marten­

site region. 

Fig. 32. Morphology of the ferrite regions observed in specimen 2ST3. 

Bright field (a) and corresponding weak beam image (b). (c) 

and (d) Other areas showing large subgrain sizes. 

Fig. 33. Yield and ultimate tensile strengths as a function of marten­

site volume fraction for the DFM steels. 

Fig. 34. Uniform and total elongations as a function of martensite 

volume fraction for the DFM steels. 

Fig. 35. Strength versus uniform elongation is plotted for the DFM 

Fe/X/O.l C alloys. Depending on the annealing temperature in 

the (a+y) range, various volume fractions of martensite and 

a wide range of strength and elongation combinations are ob­

tained. 

Fig. 36. Tensile properties of the duplex 2 pct Si steel are compared 

with those of commercial HSLA steels. 
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Fig. 37. Reduction in area as a function of martensite volume fraction 

for the DFM alloys. 

Fig. 38. Plot of 0.2 pct offset yield strength and ultimate tensile 

strength versus tempering temperature for the 100% martensite 

structures. 

Fig. 39, Plot of uniform and total elongations vs. tempering temperature 

for the 100% martensite structures. 

Fig. 40. Ultimate tensile strength and 0.2 pct offset yield strength as 

a function of tempering temperature for the DFM steels. 

Fig. 41. Uniform and total elongation as a function of tempering 

temperature for the DFM steels. 

Fig. 42. Reduction in area as a function of tempering temperature for 

the DFM steels. 

Fig. 43. Three-fourth subsize CVN impact energy as a function of testing 

temperature for 0.5 Cr DFM steel containing 35% and 90% marten­

site volume fraction. 

Fig. 44. Three-fourth sub size CVN impact energy as a function of test­

ing temperature for the 0.5% and 3% Si DFM steels containing 

30% and 60% martensite. 
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Fig. 45. Comparison of 3/4 subsize Charpy impact properties of the DFM 

alloys 2 and 4, each having 35% martensite. 

Fig. 46. Scanning electron fractographs. (a) Broken tensile specimen of 

DFM alloy 6 (25% martensite). (b) Magnified view of (aL showing 

dimpled rupture. (c) CVN impact specimen of the 100% marten­

site in specimen 2A. (d) Magnified view of (c). showing quasi­

cleavage like fracture mode. 

Fig. 47. Scanning electron fractographs in comparison with an optical 

micrograph observed in 4 Cr DFM steel (a) Optical micrograph 

showing the distribution of martensite particles primarily 

along the prior y grain boundaries. (b) Fracture surface of 

the standard CVN impact specimen. The areas marked as "A" 

appear to correspond to the martensite regions. (c) Magnifi 

view of the ductile fracture area in (b). (d) Magnified view 

of the quasi-cleavage area (HAil) in (b). 

Fig. 48. Scanning electron fractographs of fractured standard CVN im­

pact specimen of the 5i containing DFM steels. (a) Lower mag 

nifi ion view. showing predominantly quasi-cleavage fracture 

appearance. (b) Magnified view of (a). 
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Fig. 49. Scanning electron fractographs of broken standard CVN impact 

specimen of 0.5 Cr DFM steel. Lower magnification (a) and 

higher magnification (b) pictures reveal the presence of small 

particles on the bottom of the dimples. These particles were 

also observed in DFM alloy 6. 

Fig. 50, Scanning electron fractograph of broken 2~bsized CVN impact 

specimen of DFM alloy 2 having 90% martensite. (a) Tested at 

0° C. (b) Tested at _200 C, 

Fig, 51, Scanning electron fractographs of broken subsized CVN impact 

specimen of DFM alloy 4 having 30% martensite, (a) Lower 

magnification and (b) higher magnification view, tested at 

room temperature, Arrows indicate the shallow dimples. 

Fig. 52. Load-elongation (engineering stress-engineering strain) curves 

for the 2 pct DFM alloy with varying amount of martensite 

volume fraction (20, 40, and 60%), specimen 4A having 100% mar­

tensite, and Van 80. 

g, 53, Load-elongation curves for the DFM alloys 2 and 5 containing 

varying amount of martensite volume fraction. 

Fig. 54. Phase diagrams showing the expansion of the (a +y) range when 

silicon is added to the Fe-C system. 
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Fig. 55. (a) {110} lattice fringe image of microtwins in the 2% Si DFM 

steel and indexed diffraction pattern (inset) with objective 

aperture image encircling matrix spots and a twin reflection. 

(b) Conventional bright fi d image of the area corresponding 

to (a). The circle indicate the area where intermedi aper~ 

ture was pl (c) (110) lattice fringes across a marten-

site lath boundary. The arrows indi the boundary. 

Fig. 56. (llO) 

which is 

'ice image across a martensite lath boundary 

ined with respect to the incident beam. 

Fig. 57. Conventi bright eld (a) and ce image (b) of a 

a/martensite ce in 2% steel. The lattice 

image (b) was ken from area enc ~i i~C 1 "in (a) . Martens; 

tetragonal; the 1 d10l spacing in the martensite 

region (M) . "F" teo The arrows indi the interface. 

Fig. 58. Optical diffraction patterns from the ferrite (a). martensite, 

and alma rtens oj 

tensite. 

i • s the tetragonality of mar-
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