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Semiconducting polymers are a promising class of materials for many organic electronic
applications because of their structural tunability, low cost, and solution processability, which allows for
easy scale-up. However, semiconducting polymers have intrinsically poor conductivity which limits their
performance in all device applications. Polymer conductivity can be improved either by adding mobile
carriers to the system or by manipulating the system to make the polymer chains more ordered on a local
and global scale. This thesis studies both of these methods with a goal of improving polymer conductivity,
while simultaneously seeking to understand how changes in morphology affect both local and global
polymer properties. We used a variety of X-ray and neutron scattering techniques to characterize polymer
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structure, coupled with electronic and spectroscopic experiments to gain a full picture of polymer
structure-function relationship.
The first half of this thesis studies the structural changes that result from introducing a molecular
dopant and additional charge carriers into the polymer network, and how those change control the
resulting electronic and optical properties. We start by studying a novel class of large, redox-tunable
dodecaborane-based dopants. From these studies we are able to determine how redox potential controls
both dopant infiltration into polymer films and the resulting film structure, providing insight into the
relationship between structure and conductivity for doped conjugated polymer systems. Using traditional
small-molecule dopants, we also studied various doping methods to assess scalability and application to
thick polymer films.
The second half of this thesis presents studies on various methods to manipulate the local
morphology of polymer chains to increase their overall order. We first used an aqueous amphiphilic selfassembly system where we developed structural design rules for order assembly and demonstrate that
they can be used to create polymer system that show straightened chains when self-assembled. Next, we
explored a set of block-copolymers whose co-crystallization properties could be changed using the
polymer molecular weight; here we show that crystallization behavior directly affects conductivity. Lastly,
we studied a host-guest system of polymers aligned in straight silica mesoporous, with a goal of using
confinement to understand the interplay between polymer microstructure and aggregation.

iii

This dissertation of Katharine Adele Winchell is approved.

Alexander Michael Spokoyny

Richard B. Kaner

Stuart Brown

Sarah H. Tolbert, Committee Chair

University of California, Los Angeles

2020

iv

Contents
List of Figures ........................................................................................................................................ vii
List of Tables/Schemes ......................................................................................................................... xvii
Acknowledgements ............................................................................................................................. xviii
Previous Publications and Contributions of Co-Authors ..........................................................................xx
Vita ...................................................................................................................................................... xxii
Chapter 1 Introduction ............................................................................................................................ 1
1.1 References ................................................................................................................................. 9
Chapter 2 Dodecaborane-Based Dopants Designed to Shield Anion Electrostatics Lead to Increased
Carrier Mobility in a Doped Conjugated Polymer ................................................................................... 13
2.1 Introduction ............................................................................................................................. 13
2.2 Results and Discussion ............................................................................................................. 15
2.3 Conclusions .............................................................................................................................. 27
2.4 Supplementary Information ..................................................................................................... 29
2.5 References ............................................................................................................................... 59
Chapter 3 Tunable dopants with intrinsic counterion separation reveal the effects of electron affinity on
dopant intercalation and free carrier production in sequentially doped conjugated polymer films ........ 66
3.1 Introduction ............................................................................................................................. 66
3.2 Results & Discussion ................................................................................................................ 69
3.3 Conclusions .............................................................................................................................. 91
3.4 Supplementary Information ..................................................................................................... 94
3.5 References ............................................................................................................................. 116
Chapter 4 Evaporation vs Solution Sequential Doping of Conjugated Polymers: F4TCNQ Doping of
Micrometer-Thick P3HT Films for Thermoelectrics ........................................................................... 124
4.1 Introduction ........................................................................................................................... 124
4.2 Experimental Methods ........................................................................................................... 129
4.3 Results and Discussion ........................................................................................................... 131
4.4 Conclusions ............................................................................................................................ 151
4.5 Supplementary Information ................................................................................................... 153
4.6 References ............................................................................................................................. 172
Chapter 5 Poly(3-alkylthiophene)-block-poly(3-alkylseleniohene)s: Conjugated Diblock Co-polymers with
Atypical Self- Assembly Behavior ......................................................................................................... 179
5.1 Introduction ........................................................................................................................... 179
5.2 Results and Discussion ........................................................................................................... 181
v

5.3 Conclusions ............................................................................................................................ 195
5.4 Supplementary Information ................................................................................................... 197
5.5 References ............................................................................................................................. 243
Chapter 6 Design Rules for Straightening Conjugated Polymer Electrolyte Chains for OPV Applications248
6.1 Introduction ........................................................................................................................... 248
6.2 Results and Discussion ........................................................................................................... 251
6.3

Conclusions ...................................................................................................................... 258

6.4 Supplementary Information ................................................................................................... 260
6.5 References ............................................................................................................................. 279
Chapter 7 Understanding the effects of confinement and crystallinity in semiconducting polymers via
aligned mesoporous silica host-guest system....................................................................................... 283
7.1 Introduction ........................................................................................................................... 283
7.2 Results and Discussion ........................................................................................................... 286
7.3 Conclusions ............................................................................................................................ 297
7.4 Supplementary Information ................................................................................................... 299
7.5 References ............................................................................................................................. 307
Chapter 8 Conclusions ......................................................................................................................... 308

vi

List of Figures
Figure 1.1 Typical polymer scattering directions a) lamellar side chain spacing b) π- π stacking ............... 2

Figure 1.2 Molecular structure of DDB-F72 ............................................................................................... 4

Figure 1.3 Molecular structure and cylindrical micelle formation of PCT. ................................................. 7

Figure 1.4 Depiction of polymer chains incorporated into aligned mesoporous silica. .............................. 7
Figure 2.1 Chemical structures and schematic energy diagram of P3HT, F4TCNQ, and DDB-F72 showing
≈0.5 V greater offset for DDB-F72 than F4TCNQ. b) (Top) Ball-and-stick representation of the X-ray crystal
structure of DDB-F72; (bottom) DDB-F72 anion SOMO calculated by TD-DFT showing the electron localized
on the DDB core. c) Conductivities (solid symbols, calculated using the measured thickness) and
idealized conductivities (open symbols, calculated using the 120 nm original thickness) of P3HT films
doped with F4TCNQ (red symbols) and DDB-F72 (blue symbols) via solution sequential doping. The error
bars are the standard deviation calculated from at least three samples. At the same dopant
concentration, DDB-F72 pro- duces conductivities that are an order of magnitude higher than those
produced by F4TCNQ. ............................................................................................................................ 16

Figure 2.2 Structural characterization of DDB-cluster-doped films. a) B 1s XPS spectra of the top surface
of pure DDB-F72 films in the neutral [0, black curve] and anionic [-1, red curve] states, overlaid with that
of a DDB-F72-doped P3HT film (blue curve). The overlap of the doped film and anion spectra indicates
that the clusters at the top surface of the film are all reduced. (Inset) XPS-determined B:S and F:S ratios
measured at the top and bottom of DDB-F72-doped P3HT films indicating that the clusters penetrate the
film. b) Out-of-plane (top) and in-plane (bottom) 2D-GIWAXS spectra for films of pure P3HT (green
curves) and DDB-F72- doped P3HT (blue curves). (Inset) Zoomed in view of the (100) peak. Dopantinduced peaks are denoted by asterisks (*). These data indicate DDB-F72 does not enter the crystallites
vii

given its large size and at high dopant concentration (dark blue dashed-dotted curves), there is
significant loss of overall crystallinity. .................................................................................................... 20

Figure 2.3 Delocalized polaron IR-spectrum. a) Experimental IR absorption spectrum of the polaron in a 1
x 10-3 M DDB-F72-doped P3HT film. b) Simulated P3HT polaron absorption spectrum for different anion–
polaron distances, taken from ref. 15. The measured spectrum is in excellent agreement with the
theoretical spectrum for an anion at infinite distance, indicating that the polarons in the chemically
doped DDB-F72 sample are as delocalized as possible. Note: A distance-dependent permittivity for the
pure polymer was used for the calculation. Although the use of a different permittivity would change
the shape of the spectrum of the more Coulomb-localized polarons, the spectrum calculated for infinite
anion distance is invariant with respect to the choice of permittivity. 15 ................................................. 24

Figure 3.1 a) Chemical structures of the P3HT polymer and DDB dopants, which have an icosahedral B 12
core and each vertex functionalized with the R-groups shown in (c). The energy diagram depicts the
relative offsets between the P3HT HOMO and dopant LUMOs. CV measurements of the DDB dopants
and F4TCNQ, performed under identical conditions, are shown in Figure S1 of the SI. The diagram is
drawn to scale based on literature values of the P3HT HOMO(-5 eV vs vacuum) and F4TCNQ LUMO (-5.2
eV vs vacuum); see SI section SS2 for details. b) Measured E1/2for DDB dopants plotted against their
Hammett constant showing tunability of the DDB dopant redox potential based on the substituents’
electron donating/withdrawing ability. c) UV-VIS-IR spectra of 120-nm thick films of P3HT doped with 1
mM DDB via SqP, showing an increase in signature polaron peak intensities (P1 near 0.3 eV, P2
near 1.3 eV and P3/P3′near 1.6 eV) and a bleach of the P3HT bandgap transition near 2.4 eV.
The DDB anions also absorb in the∼2.4 eV region, explaining why the apparent bleach of the P3HT
absorption is less than observed with other dopants whose anion absorption lies in other regions of the
spectrum. .............................................................................................................................................. 71

viii

Figure 3.2 a) Raw neutron reflectivity (NR) data for pure P3HT and P3HT doped with the different DDBs
via SqP (symbols) and model fits to the data (darkened curves). b) SLD depth profiles obtained from
fitting the data in (a) showing the SiOx substrate layer at 0 A
̊ followed by the active layer before reaching
the air interface. The SLD Profiles show that the film thickness increases with dopant redox potential
and that there is nearly uniform DDB dopant infiltration throughout the film. c) XPS-determined
fluorine-to-sulfur (*or bromine-to-sulfur for DDB-Br) ratios at the top and bottom surfaces of the DDBdoped P3HT films. The values are similar for both the top and bottom, supporting the conclusion from
NR that the DDB clusters penetrate throughout the film. Sample fits to the XPS data (black) are shown
in (d) for the F 1s peak(yellow) and in (e) for the S 2p peaks (green - neutral S, blue - oxidized S, and pink
- full S fit) for the top surface of a DDB-F36-doped P3HT film (black) ..................................................... 74

Figure 3.3 a) Full integration and out-of-plane (inset) integration of the 2-D grazing-incidence wide-angle
X-ray scattering (GIWAXS) of P3HT doped with DDB-F36. This was chosen as representative DDB doping
data that demonstrates the phase change from the original undoped P3HT phase, labelled (h00), to the
lamellar-expanded doped structure, labelled (h00)′. b) Full integration and out-of-plane (inset) of the 2D GIWAS for P3HT doped with various DDB dopants by solution SqP at 1 mM concentration, showing
the direct relationship between higher redox potential and an increased extent of phase transition to
the expanded (h00)′structure c) GIWAXS in-plane integration of P3HT doped with different DDBs by
solution SqP at 1 mM showing the increase in the disorderedπ-stacking region at higher doping
concentrations and the slight shift of the undoped (010) peak to higher q as doping increases. ............. 77

Figure 3.4 To-scale representation of the proposed structure in which a DDB dopant has been
incorporated into the expanded lamellar region of a P3HT crystallite. Slight interdigitation of the
polymer and DDB dopant side chains is possible due to empty space in both the polymer and the dopant
crystal structure. The GIWAXS data show clearly that incorporation of the dopant into the crystal

ix

structure results in this highly expanded lamellar region while largely preserving the original P3HTπstacking. ................................................................................................................................................ 79

Figure 3.5 a) Normalized IR absorption of DDB-F72-doped P3HT showing the doping concentration
dependence of the P1 peak location. At higher doping concentrations, we see a similar blue shift of the
P1 peak for P3HT films doped with all of the DDB clusters (see SI Figure S9a-c) indicating that less mobile
polarons are produced as more dopant is infiltrated into the film. b) Normalized FTIR of DDB-doped
P3HT at doping-level matched concentration (based on the GIWAXS data in Figure S5) showing that the
carriers produced have essentially identical anion distance and thus mobility. c) AC-Hall determined
free carrier mobility vs. fitted P1 absorption peak center showing a linear relationship; (see SI Figures
S9e for raw data and S10a-c for fits). The F4TCNQ and DDB-F72data were taken from our previous work
in Refs. 5 and 6, respectively. ................................................................................................................ 84

Figure 4.1 Schematic showing sequential doping of conjugated polymer ﬁlms using (a) evaporation
sequential doping and (b) solution sequential doping; after the initial step, the arrows in each panel
indicate the changes that take place as a function of time. (a) For evaporation doping the crucible is
resistively heated, producing dopant vapor (yellow) that can intercalate into a pre-cast polymer ﬁlm
(red). With additional time a greater amount of dopant intercalates within the polymer ﬁlm (doped ﬁlm
is indicated with black color). If evaporation continues, the dopant is added in excess, eventually coating
the exposed side of the ﬁlm. (b) For solution doping a dopant solution (yellow) is spin cast onto a precast polymer ﬁlm (red). Solvent for the dopant solution is chosen to swell but not dissolve the polymer,
allowing mass action to drive the dopant from the solution into the swollen ﬁlm. Films can be more
strongly doped (increasing black color) by increasing the concentration of the dopant in solution....... 125

Figure 4.2 Conductivity (circles) measurements for (a) 25 nm pre-cast P3HT ﬁlms (blue), (b) 110 nm precast P3HT ﬁlms (red), and (c) 400 nm pre-cast P3HT ﬁlms (green) doped with diﬀerent evaporated
x

thicknesses of F4TCNQ. Ratio of the optical absorbance at 1.6 eV to that at 2.4 eV (corresponding
roughly to the amount of neutral material) for each ﬁlm is plotted as the magenta squares (right axis);
cf. Figure 3. The optical absorption ratio empirically tracks the conductivity and reaches a peak of ∼0.9
at the optimal conductivity. ................................................................................................................. 133

Figure 4.3 UV−vis absorbance spectra for (a) 25 nm pre-cast P3HT ﬁlms (blue), (b) 110 nm pre-cast P3HT
ﬁlms (red), and (c) 400 nm pre-cast P3HT ﬁlms (green) doped with varying thicknesses of
evaporated F4TCNQ; more saturated/darker colors correspond to thicker amounts of evaporated
dopant. As the pre-cast P3HT ﬁlm thickness is increased, an increasing thickness of evaporated F4TCNQ
is required to eﬀectively dope the ﬁlm. At the F4TCNQ thickness for optimal electrical conductivity, the
ratio of the absorbance at these two energies (plotted in Figure 4.2) is ∼0.9:1. For all three P3HT ﬁlm
thicknesses, once the optimal conductivity point is passed a new absorbance feature at 3.1 eV due to
the presence of neutral F4TCNQ grows in, indicating that the ability to dope the ﬁlm is saturated. ..... 136

Figure 4.4 Conductivity measurements for solution-doped pre-cast P3HT ﬁlms ranging in thickness from
25 to 2000 nm. Films are solution doped with 0.01 (orange diamond), 0.1 (maroon squares), or 1 mg/mL
(navy circles) solutions of F4TCNQ in DCM. Film conductivity increases with increasing F4TCNQ
concentration until an optimal value is reached. Note the x-axis scale break between 525 and 1900 nm.
............................................................................................................................................................ 140

Figure 4.5 UV−vis absorption spectra for (a) 25 nm pre-cast P3HT ﬁlms (blue), (b) 110 nm pre-cast P3HT
ﬁlms (red), and (c) 400 nm pre-cast P3HT ﬁlms (green); as with Figure 3, more saturated/darker colors
correspond to increased dopant concentrations of 0.01, 0.1, and 1 mg/mL. As the thickness of P3HT
increases, an increasing concentration of F4TCNQ is required to eﬀectively dope the ﬁlm, as indicated by
the decrease of the P3HT neutral peak near 2.4 eV and the increase of the F4TCNQ anion/polaron P2
peak near 1.6 eV. As with the evaporated doped ﬁlms, the optimal electrical conductivity occurs when
xi

the doped:neutral ratio is ∼1.1. For all ﬁlms in this thickness range, the doping becomes saturated at
higher concentrations, as evidenced by the appearance of absorbance due to neutral F4TCNQ peak near
3.1 eV. ................................................................................................................................................. 142

Figure 4.6 Representative 2-D diﬀractograms of 110 nm thick P3HT ﬁlms that are (a) undoped, (b) doped
with F4TCNQ via solution sequential processing, and (c) doped with F4TCNQ via thermal evaporation.
These results demonstrate that the natural edge-on orientation of the P3HT chains in undoped ﬁlms is
maintained following both methods of sequential doping. .................................................................. 144

Figure 4.7 Full integrations of thickness-normalized 2-D GIWAXS diﬀractograms of P3HT ﬁlms doped
with F4TCNQ via (a) thermal evaporation and (b) solution sequential processing. Data for undoped P3HT
(dashed black curve) is shown for reference. Out-of-plane integrations are included in the expanded
insets for clarity. Data show that 25 (blue) and 110 nm (red) ﬁlms both largely maintain their original
crystallinity after doping. For the 110 and 400 nm (green) vapor-doped ﬁlms, a (400) overtone appears,
indicating improved long-range order that correlates with higher carrier mobility and thus conductivity.
............................................................................................................................................................ 146

Figure 4.8 Absorption spectra of the P1 polaron transition for the doped 110 (red) and 400 nm (blue)
pre-cast P3HT ﬁlms. Films are doped by solution (solid lines) and evaporation (dashed lines) sequential
doping; doping conditions were selected to optimize the electrical conductivity. P1 band for both the
solution and the evaporation sequentially doped 400 nm pre-cast P3HT ﬁlms is red shifted, indicating
greater polymer ordering that is correlated with a higher hole mobility. ............................................. 148

Figure 4.9 Thermoelectric properties of 25, 110, 400, and 2000 nm pre-cast P3HT ﬁlms doped with
F4TCNQ by solution (black squares) and evaporation (red circles) sequential processing. Processing
conditions for each method were chosen to produce the most conductive ﬁlms. For evaporation doping,

xii

the 25, 110, and 400 nm thick pre-cast P3HT ﬁlms were doped with 15, 40, and 150 nm of F4TCNQ,
respectively. For solution doping, all P3HT ﬁlms were doped with a 1 mg/mL F4TCNQ solution. (a)
Thicker P3HT ﬁlms have higher electrical conductivities than thinner ﬁlms, and evaporation doping
produces slightly higher conductivities than solution doping. (b) Seebeck coeﬃcient of doped P3HT ﬁlms
decreases with increasing ﬁlm thickness, and solution doping yields slightly higher values than
evaporation doping. (c) Thermoelectric power factors of all of our doped P3HT ﬁlms are similar,
indicating that both processing techniques produce ﬁlms equally well suited for use in thermoelectrics.
Note the scale break on the x-axis between 525 and 1900 nm. ............................................................ 150

Figure 5.1 Bright-ﬁeld TEM images for low N P3AT-b-P3AS BCPs annealed at 180 °C with diﬀerent side
chain combinations. Mean lamellae widths (Wn) and standard deviations are provided in brackets.
Images correspond to (a) P3HT18-b-P3HS16 (Wn = 8.3 ± 1.3 nm); (b) P3DDT18-b-P3HS16 (Wn = 9.1 ± 1.6
nm); (c) P3HT15-b-P3DDS16 (Wn = 10.3 ± 1.5 nm); and (d) P3DDT13-b-P3DDS17 (Wn = 7.5 ± 1.4 nm).
Scale bars are 50 nm. .......................................................................................................................... 183

Figure 5.2 Bright-ﬁeld TEM micrographs and tapping-mode AFM phase images of P3DDT-b-P3DDS BCPannealed thin ﬁlms depicting lamellar structures ((a) and (d), N = 30), co-crystallized ﬁbers ((b) and (e), N
= 50), and a patchy ﬁber morphology ((c) and (f), N = 90). Scale bars are 200 nm. ............................... 184

Figure 5.3 DSC data showing (a) heating endotherm and (b) cooling exotherm curves (thermal ramp = 10
°C min−1) for P3DDT-b-P3DDS with various N values (from bottom to top: N = 30, 50, 80, and 90). For all
samples, second cycles are presented to account for thermal history eﬀects. (c) shows the relationship
between N and ΔT for P3DDT-b-P3DDS................................................................................................ 186

Figure 5.4 (a) and (b) show integrated diﬀraction patterns in two diﬀerent q-ranges from 2D GIWAXS for
P3DDT-b-P3DDS BCPs with various N values, both pre- and post-annealing. Lamellar indexing is shown

xiii

on the ﬁgure. Crystallinity dramatically increases upon annealing, and the type-II phase with a smaller
lattice constant disappears. (c) and (d) show the same lamellar peaks for annealed thin ﬁlms of medium
N (50−60) P3DDT- b-P3DDS (red), this time plotted with the two homopolymers (P3DDT in black and
P3DDS in gray). The co-polymer data appears to be an average of the homopolymer peaks. (e) and (f)
show annealed diﬀraction patterns obtained on the high N (>80) P3DDT-b-P3DDS co-polymer in blue
and the low N (<35) co-polymer in green, again plotted with the homopolymers (same coloring as (c)
and (d)). .............................................................................................................................................. 189

Figure 5.5 SAXS scattering patterns for P3DDT-b-P3DDS BCPs of low (30), medium (50), high (80), and
very high N (90) (top-to- bottom) before (black) and after (red) annealing at 180 °C............................ 192

Figure 5.6 Proposed model for self-assembly into phase-separated lamellae, co-crystallized ﬁbers, or
patchy ﬁbers. ...................................................................................................................................... 193

Figure 5.7 Dependence of OTFT hole mobility (averaged over ﬁve devices for each annealing
temperature) on annealing temperature (50, 100, and 150 °C) for symmetrically substituted P3AT-bP3AS BCPs: P3HT-b-P3HS (green and purple); P3DDT-b-P3DDS (black, blue, and red). Full device
fabrication details can be found in the Supporting Information. .......................................................... 195

Figure 6.1 Comparison of bond angle matching between PFT and PCT demonstrating that the bond
angles of the monomer units in PCT result in an internal angle of 0⁰.................................................... 250

Figure 6.2 a) Optical characterization of PCT demonstrating visible-region band gap absorption. b)
CryoEM image of PCT solution showing micelle-like structures with average diameters of 2 nm. ......... 252

Figure 6.3 a) Radially averaged SAXS data with power-law fits, and b) P(r) transformations of the SAXS
data confirming rod-like micelle structures for both high- (red) and low- (blue) MW PCT in water. ...... 254

xiv

Figure 6.4 Dammin bead model fits and structures for a) 1 mg/mL high-MW PCT, and b) 1 mg/mL lowMW PCT confirming rod-like micelle shapes; the curvature in the high-MW PCT is due to the broad
correlation peak seen in the P(r) function from Figure 2c..................................................................... 256

Figure 6.5 Concentration-dependent studies of low-MW PCT (a-c) and high-MW PCT (d-f) demonstrating
that cylinder shape is maintained while micelles interact with each other in solution. ......................... 257

Figure 7.1 GISAXS of aligned mesoporous silica with the axis of the pores (a) parallel to the incoming Xray beam and (b) perpendicular to the direction of the beam. Integrated in-plane peak intensity (c)
shows the high degree of anisotropy in the system (d) cartoon from reference 33 demonstrating the
geometry of the films that results in anisotropic in-plane scattering .................................................... 287

Figure 7.2 Compared intensity of absorbance and photoluminescence of MEH-PPV (a) and P3HT (b)
aligned within mesoporous silica demonstrating the polymer anisotropy. In absorbance measurements
the incoming beam is polarized and in PL measurements both the excitation and emitted light are
polarized according to the figure legend. ............................................................................................. 288

Figure 7.3 Normalized polarized absorbance of (a) MEH-PPV and (b) P3HT demonstrating the differences
in absorbance for the population of polymer chains that are highly aligned and those that are isotropic
and therefore able to absorb light perpendicular to the axis of the pores. In both polymers, the polymer
chains that are isotropic absorb higher energy light likely due to their relative lack of exciton
delocalization. The relative Abs0-0/0-1 ratios, particularly in P3HT change dramatically in these two
populations. ........................................................................................................................................ 289

Figure 7.4 Fits demonstrating the contribution of ordered and amorphous populations within (a) P3HT
chains that absorb light parallel to the pore axis and are therefore well aligned in the pores (b) P3HT
chains that absorb light perpendicular to the pore axis and are therefore coiled and disordered (c)
xv

aligned MEH-PPV chains that absorb light parallel to the pore axis and (d) disordered MEH-PPV chains
that absorb light perpendicular to the pore axis. ................................................................................. 290

Figure 7.5 Normalized photoluminescence data for (a) MEH-PPV and (b) P3HT demonstrating the change
in PL0-0/0-1 ratios between populations that absorb and emit parallel to the pore axis (‖, ‖) as compared to
perpendicular to the pore axis (Ʇ, Ʇ). ................................................................................................... 292

Figure 7.6 Photoluminescence fits of P3HT chains that absorb and emit (a) parallel and (b) perpendicular
to the pore axis and MEH-PPV chains that absorb and emit (c) parallel and (d) perpendicular to the pore
axis. ..................................................................................................................................................... 293

xvi

List of Tables/Schemes

Table 2.1 Comparison of carrier density (n), mobility (μ), and conductivity(σ) measured by the AC Hall
effect for P3HT films doped with DDB-F72 and F4TCNQ at their respective solubility limits in DCM. Also
shown is the number density of dopant molecules in the film estimated via mass measurements (Nest);
see the Supporting Information for details. The F4TCNQ data is taken from ref. 14. .............................. 26

Table 3.1 Summary of calculated neutron SLDs of pure materials and model SLD results of pureP3HT and
DDB-doped P3HT films. The calculated DDB:P3HT monomer ratios extracted from the measured SLDs
show increasing dopant loading with higher-redox-potential DDBs........................................................ 75

Table 3.2 Summary of calculated (100) d-spacing based on GIWAXS-measured overtones for0.3 mM and
1 mM DDB dopant concentrations. There is a transition between the undoped and doped phases, with
both phases coexisting at some doping levels. The undoped phase corresponds to the original P3HT
lamellar d-spacing ................................................................................................................................. 80

Table 3.3 Estimated doping efficiency of DDB dopants based on the total dopant density calculated from
the neutron SLD results and carrier mobilities determined either from AC-Hall effect measurements
or calculated from the correlation between P1 peak locations and mobility (Figure 3.5)........................ 87

Table 4.1 Summary of the Conductivity for Sequential Doping of Pre-cast P3HT Films with Diﬀerent
Thicknessesa ........................................................................................................................................ 134

Table 4.2 Summary of the Thickness-Normalized GIWAXS Data for Pure P3HT, Solution-Doped P3HT, and
Vapor-Doped P3HT Films ..................................................................................................................... 145

xvii

Acknowledgements
I decided that I wanted to get a PhD a long time ago, long before I really understood what an
undertaking it would be. Luckily for me, no step in this process has been done alone and I have many
people to thank for getting me to this point. First, I have to thank my family and especially my parents
who have been there from the very beginning and never once doubted that I’d make it this far. They
gave me both every opportunity needed to succeed and the space to make my own decisions and to find
my own path.
I’d like to thank my committee Sarah Tolbert, Alex Spokoyny, Ric Kaner and Stuart Brown for
their encouragement and guidance throughout the years. Sarah Tolbert, my advisor has supported me
in every possible way for the past 5 years. Not only does she lead by example in showing how to be a
strong woman in science but her mentorship in science, outreach, teaching and life in general has been
so valuable. I feel so lucky to have had an advisor who gave me the space to explore any opportunity
both in and out of lab and I know that without her support and constant feedback in all of these areas I
would not have been able to make the most of my grad school experience. One of my favorite parts of
working for Sarah has been getting to be a part of the Tolbies, a lab that with Sarah’s encouragement is
more like a family than a set of colleagues. Thank you to all of the Tolbies for putting up with my
ridiculous group photo suggestions, being the most welcome distraction when grad school gets hard and
generally being more fun than I ever though a group of chemists could be.
There are a few people within the Tolbert lab who deserve some extra attention. It only took
me a few months into grad school to realize I had basically won the lottery with my mentor, Patrick Yee.
What are the odds that I would have been paired up with another hyper-organized, former swimmer
and Packers fan? Patrick has been instrumental in every part of my grad school experience from
teaching be everything I know about X-rays, being a sounding board for everything I’ve wanted to talk
through, science and not, and most importantly teaching me how to like beer. I have also been lucky

xviii

enough to mentor Charlene Salamat for the past two years. Charlene, thank you for being part of the
driving team to synchrotron, finding the best cross-stitching patterns on the internet, making my life
way louder and way more fun and quite literally saving my sanity on a daily basis. I also want to give a
shout out to the whole Tolbert Lab Girl Band. It has been so cool be constantly surrounded such a great
team of fun, hilarious, butt-kicking women.
None of the projects in this thesis are mine alone and I have been lucky enough to have an
outstanding group of collaborators to work with. Ben Schwartz has been like a second advisor to me for
the past four years. I came into grad school being very afraid of all things quantum, spectroscopy and
physics but Ben’s unending patience in explaining all of these in the clearest possible way has helped
convert me to my current love of physical chemistry. To the entire solar collaboration group it has been
so fun working with all of you, and especially hanging out every week from 11-11:15 when the meeting
hasn’t actually started. In particular, I have been lucky enough to work with closely Taylor Aubry for
over three years. I have learned so much from Taylor’s incredible work ethic and creative ideas and
even though not every project of ours worked, I enjoyed every minute of working with her.
I have also had huge moral support from the 2015 cohort. I remember back when we were first
years everyone told us we’d never see anyone outside our lab again after classes were over, but I’m
pleased to report that they were wrong. Even though we aren’t nearly as fun as we were five years ago, I
have often thought about how lucky I was to get to grad school with all of you and there isn’t another
group of people I’d rather share the ups and downs of the grad school experience with. In particular,
Dan Baumann has been my cheerleader, adventure partner and very welcome distraction from all things
work related. I can’t believe how far we’ve come since our days of not paying attention in Stat-Mech 5
years ago and I can’t wait for the next step in our life together.

xix

Previous Publications and Contributions of Co-Authors
Chapter 2 is a version of Aubry, T. J.; Axtell, J. C.; Basile, V. M.; Winchell, K.J.; Lindmuth, J.R.; Porter, T.M.;
Liu, J.; Alexandrova, A. N.; Kubiak, C. P.; Tolbert, S.H.; Spokoyny, A. M.; Schwartz, B. J. “DodecaboraneBased Dopants Designed to Shield Anion Electrostatics Lead to Increased Carrier Mobility in a Doped
Conjugated Polymer”. Taylor wrote the manuscript and collected and analyzed spectroscopy and
conductivity data. John synthesized the dopant. Tori collected and analyzed the XPS data. I collected and
analyzed the GIWAXS data and helped write the manuscript. Jeff Collected AC-Hall Effect Data. Tyler
performed NMR self-exchange experiments. Ji-Yuan performed DFT calculations. The PIs and/or project
directors were Cliff Kubiak, Anastasia Alexandrova, Sarah Tolbert, Alexander Spokoyny and Benjamin
Schwartz.
Chapter 3 is a version of Aubry, T.J.; Winchell, K.J.; Salamat, C. S.; Basile, V. M.; Lindmuth, J.R.; Stauber, J.
M.; Axtell, J. C.; Kubena, R. M.; Phan, M. D.; Bird, M. J.; Spokoyny, A. M.; Tolbert, S. H.; Schwartz, B. J.
“Tunable dopants with intrinsic counterion separation reveal the effects of electron affinity on dopant
intercalation and free carrier production in sequentially doped conjugated polymer films”. Taylor and I
equally contributed to writing the manuscript. Taylor collected and analyzed the spectroscopy and
conductivity data. I analyzed the neutron reflectometry and collected and analyzed the GIWAXS data.
Charlene helped analyze the neutron reflectometry data. Tori collected and analyzed the XPS data. Jeff
collected AC-Hall effect data. Julia, John and Rebecca synthesized the dopant molecules. Minh collected
the neutron reflectometry data. Matt designed the solution doping experiments. The PIs and/or project
directors were Alexander Spokoyny, Sarah Tolbert, and Benjamin Schwartz.
Chapter 4 is a version of Fontana, M. T.; Scholes, T. D.; Stanfield, D. S.; Winchell, K.J. “Evaporation vs
Solution Sequential Doping of Conjugated Polymers: F4TCNQ Doping of Micrometer-Thick P3HT Films for
Thermoelectrics”. Matt and Tyler wrote the manuscript, collected and analyzed the conductivity and

xx

spectroscopy data. Dane collected and analyzed the thermoelectric data. I collected and analyzed the
GIWAXS data. The PIs and/or project directors were Sarah Tolbert and Benjamin Schwartz.
Chapter 5 is a version of Kynastom, E. L.; Winchell, K.J.; Yee, P. Y.; Manion, J. G.; Hendsbee, A. D.; Li, Y.;
Huettner, S.; Tolbert, S. H.; Seferos, D. D. “Poly(3-alkylthiophene)-block-poly(3-alkylselenophene)s:
Conjugated Diblock Co-polymers with Atypical Self-Assembly Behavior”. Emily wrote the manuscript,
synthesized the polymers, collected TEM and DSC data. I collected and analyzed the GIWAXS data and
helped write the manuscript. Patrick helped made GIWAXS samples and helped collect GIWAXS data.
Joseph collected and analyzed SAXS data. Arthur collected mobility data. The PIs and/or project directors
were Yuning Li, Sven Huettner, Sarah Tolbert, and Dwight Sefferos.
Chapter 6 is a version of Winchell, K.J.; Yee, P.Y., Li, Y. L., Beren, C.; Thompson, R. J.; Gelbart, W. M.; Rubin,
Y.; Tolbert, S. H. “Design Rules for Straightening Conjugated Polymer Electrolyte Chains for OPV
Applications”. Patrick and I contributed equally to writing the manuscript, and collected and analyzed the
SAXS data. Yolanda synthesized the polymer. Christian took TEM images. Rob helped synthesize the
polymer. The PIs and/or project directors were William Gelbart, Yves Rubin and Sarah Tolbert. The
manuscript will be submitted for publication shortly after filing this dissertation.
Chapter 7 is a version of Winchell, K.J.; Voss, M. G., Schwartz, B. J., Tolbert, S. H. “Understanding the
effects of confinement and crystallinity in semiconducting polymers via aligned mesoporous silica hostguest system”. I made the samples, collected SAXS and spectroscopy data and wrote the manuscript.
Matthew analyzed and performed fits on the absorbance and photoluminescence data and helped write
the manuscript The PIs and/or project directors were Benjamin Schwartz and Sara Tolbert. The manuscript
will be submitted for publication shortly after filing this dissertation.

xxi

Vita
2015 B.A. in Chemistry, Amherst College
2015-2017 M.S. in Chemistry with a focus on Materials Chemistry, University of California, Los Angeles

Publications
Winchell, K. J., Yee, P. Y., Li, Y, Beren, C., Thompson, R. J., Gelbart, W. M., Rubin, Y., Tolbert, S. H.
“Design Rule for Straightening Conjugated Polmyer Electrolyte Chains for OPV Applications” In
Preparation
Winchell, K.J., Voss, M. G. Schwartz, B. J., Tolbert, S.H. “Understanding the effects of confinement and
crystallinity in semiconducting polymers via aligned mesoporous silica host-guest system” In
Preparation
Winchell, K.J., Aubry T J., Salamat, C. Z., Basile, V.M.Lindmuth, J.R.,Stauber, J.M. Axtell, J. C., Kubena, R.
M., Phan, M. D., Bird, M.J., Spokoyny, A. M. Tolbert, S.H., Schwartz, B. J. “Tunable dopants with intrinsic
counterion separation reveal the effects of electron affinity on dopant intercalation and free carrier
production in sequentially doped conjugated polymer films” Advanced Functional Materials, 2020
doi:10.1002/adma.201805647
Kynaston, E.L, Winchell, K.J., Yee, P.Y., Manion, J.G., Hendsbee, A.D., Li, Y., Tolbert, S.H., Heuttner, S.,
Seferos, D.S. “Unravelling the Atypical Phase Behavior of Conjugated Diblock Copolymers” ACS Applied
Materials and Interfaces. 2019 doi: 10,1021/acsami.8b18795
Aubry, T. J., Axtell, J. C., Basile, V. M., Winchell, K. J., Lindemuth, J. R., Porter, T. M., Liu, J., Alexandrova,
A. N., Kubiak, C. P., Tolbert, H., Spokoyny, A. M., and Schwartz, B. J. “Dodecaborane-Based Dopants
Designed to Shield Anion Electro- Statics Lead to Increased Carrier Mobility in Doped Conjugated
Polymers” Advanced Materials 1805647, (2019): 1–23. doi:10.1002/ADMA.201805647

Presentations
Materials Research Society, Talk, “Understanding the Structure-Conductivity Relationship of P3HT Films
Doped with Redox-Tuneable Dodecaborane Clusters via Sequential Processing” K.J. Winchell*, T. Aubry,
B.J. Schwartz, S.H. Tolbert, 2020, Accepted/Cancelled
American Chemical Society National Meeting, Talk, “Understanding the Structure-Conductivity
Relationship of P3HT Doped with Redox-Tuneable Dodecaborane Custers” K.J. Winchell*, T. Aubry, B.J.
Schwartz, S.H. Tolbert, San Diego, CA, August 2019
International Mesostructured Material Symposium, Poster, “Polarized Optical Spectroscopy of an
Aligned Mesoporous Silica System for the Study of Polymer Aggregation.” K.J. Winchell*, M. Voss, B.J.
Schwartz, S.H. Tolbert, San Francisco, CA, September 2018

xxii

American Chemical Society National Meeting, Talk, “Polarized Optical Spectroscopy of an Aligned
Mesoporous Silica System for the Study of Polymer Aggregation” K.J. Winchell*, M. Voss, B.J. Schwartz,
S.H. Tolbert, San Francisco, CA, April 2017
American Chemical Society National Meeting (UCLA Showcase), Poster, “Polarized Optical
Spectroscopy of an Aligned Mesoporous Silica System for the Study of Polymer Aggregation.” K.J.
Winchell*, M. Voss, B.J. Schwartz, S.H. Tolbert, San Francisco, CA, April 2017

xxiii

Chapter 1 Introduction
Semiconducting polymers are a promising class of materials for many organic electronic applications.
These materials are made almost entirely out of carbon, causing their cost to be low, especially compared
to inorganic semiconductors like silicon. They are soluble in common organic solvents allowing for solution
processability and relatively easy scale-up.1 They also have highly tunable structures both in terms of the
backbone, which can be changed to adjust the band gap, or the side chains which can be used to adjust
the crystallinity or aggregation behavior of the polymer.2,3 All of these factors make this class of materials
widely applicable in organic photovoltaics (OPVs), 4-7 organic light-emitting diodes (OLEDs),8-10 organic
thermoelectric devices11-14 and transistors. 15-18
However, all of these potential electronic applications require good electrical conductivity, which
is intrinsically low in in semiconducting polymers. First, because these are wide band gap semiconductors,
there are no carriers in the conduction band at room temperature, meaning that conductivity of a pure
polymer at room temperature is effectively zero. Second, polymers are an intrinsically disordered
materials with large portions of polymer films being amorphous, causing bends the polymer chain that
disrupt the conjugation, and decreasing the mobility of carriers that are present. 19,20 Despite these two
large drawbacks of this class of materials, there have been key advances in both areas to introduce
additional carriers into polymer film and to manipulate the morphology to improve carrier mobility. This
thesis includes both studies of molecular doping to introduce new carriers to polymer films and more
fundamental studies involved in controlling polymer morphology to increase the overall order of the
system. More specifically, this work focusses on understanding the way that polymer morphology relates
to the function of the polymer and how changes to the local polymer structure affects its larger scale
morphology and conductivity properties.
Semiconducting polymers are a particularly interesting class of materials to study their structurefunction relationship because both at the global and local scale the morphology is closely tied to the
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overall properties of the film, specifically those relating to device performance. At the global scale,
polymer films are a mixture of amorphous and crystalline regions. The percent crystallinity is very
important for many device applications because in general, polymer chains that are more ordered are
better able to conduct.19 In polymers that are able to crystallize, the crystallization is largely driven by the
π-stacking when the planar backbones interact with each other. 21 The polymer chains are also able to
crystallize in a second direction in which the side chains interact with each other creating a lamellar
spacing. This polymer crystallinity is important for multiples reasons. First, this type of order allows
carriers to delocalize across multiple directions both along the polymer backbone through the conjugated
π-system and by hopping from chain to chain via the crystalline π-stacks.22 This 2-dimensional
delocalization causes increased carrier mobility.23 Second, from an experimental standpoint, these
characteristic crystalline repeat distances allow for easy study of changes in polymer morphology with Xray scattering experiments.

Figure 1.1 Typical polymer scattering directions a) lamellar side chain spacing b) π- π stacking

Keeping in mind the importance of polymer morphology at the global and local scale, this thesis
will explore polymer structure-function relationships in two parts. The first half (Chapters 2-4) will study
the effects of molecular doping on polymer local and global structure and the structure-conductivity
relationships of the doped films. Semiconducting polymer films can be doped by adding low-lying LUMO
small molecules that are able to induce ground state electron transfer and therefore remove an electron
from the polymer backbone.24-26 This creates a positive carrier, or hole, on the polymer backbone and a
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resulting anion on the small molecule dopant. This new positive carrier and the corresponding polymer
structure change induced to stabilize the new carrier is called a polaron. Molecular doping in this manner
has many advantages, one of which is that it occurs entirely in post synthetic steps, which makes it
possible to easily dope polymer films in large quantities. Further, the Schwartz lab at UCLA has developed
a method of doping called sequential processing (SqP) in which the polymer film is cast first and the
dopant is added in a second processing step from a semi-orthogonal solvent allowing the polymer film to
swell and create space for the dopants that infiltrate the film from the top. 27
This SqP method has been extensively studied with the polymer poly(3-heylthiophene) (P3HT)
and the small molecule dopant 2,3,5,6-Tetrafluoro-7,7,8,8-tetracyanoquinodimethane (F4TCNQ). The
HOMO-LUMO levels of these two materials are well matched such that F 4TCNQ can easily remove an
electron from P3HT. These studies have demonstrated that this sequential processing method preserves
the quality of the P3HT film, greatly increasing the conductivity of the doped film as compared to
traditional one-step processing methods.27 Further, in a study where the P3HT crystallinity was varied it
was demonstrated that polymer crystallinity is key for separating the anion and the hole. 28 Because
polymers are low dielectric materials, spatial separation is key for reducing the coulomb attraction
between the anion and the hole to allow the hole to conduct more freely. 29 In the crystalline regions, the
F4TCNQ anion lies in the lamellar side chains of the polymer. Because of the length of the P3HT side chains,
the F4TCNQ anions that are in the crystalline regions separated from the hole by approximately 7 Å. This
separation is crucial for ensuring that integer charge transfer occurs between the polymer and dopant
and that the coulomb attraction is sufficiently low for the new carrier to be mobile.
Building off of this understanding of the picture of molecular doping of polymers developed by
our group and others, this thesis begins by expanding the study of molecular doping to a new class of
dopants based on a dodecaborane core with tunable side chains. The first dopant of this type that we
studied is a 12-boron core functionalized with a 3,5-bis(trifluoromethyl)benzyloxy substituent, denoted
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as DDB-F72 due to the 72-fluorine atoms on the surface of the cluster (Chapter 2,Figure 1.2).30 There are
two key advantages to this dopant as compared to F4TCNQ. First is that the electron withdrawing
substituents cause this dopant to have a much higher redox potential than F 4TCNQ, thus improving its
ability to remove electron from the polymer backbone. Second, these boron clusters are approximately
2nm in diameter and the anion form of DDB-F72 localizes the electron on the boron core, thus creating a
large spatial separation from hole on the polymer backbone. These factors result in P3HT films with
conductivity, as measured by the Van Der Pauw method, that is an order of magnitude higher than films
doped with F4TCNQ. In addition to the increased number of carriers due to the very high redox potential
of DDB-F72, the resulting carriers had much higher mobility, as measured by AC-Hall effect, than those
seen even in the most crystalline films doped with F4TCNQ. Further, in contrast to small dopants like
F4TCNQ in which film crystallinity was crucial in creating the anion-hole separation, because DDB-F72 is so
large even films that have lost most of the crystallinity and are very disorder can have very high
conductivity indicating that this class of dopants could be applicable even for polymers that are not highly
crystalline.

Figure 1.2 Molecular structure of DDB-F72

As mentioned previously, the side chains on these DDB dopants are tunable. As such, the next
section of this works studies the effect of redox potential on polymer doping by varying the side chains of
4

the dopants to create a redox potential range stretching over 500 mv (Chapter 3). 31 In this work we
studied the effect of redox potential on dopant infiltration into the film, crystal structure, and doping
efficiency by doping P3HT with our set of redox tunable DDB dopants. Using neutron reflectometry (NR),
we found that redox potential is the driving force in large dopant infiltration into the film in the sequential
processing method and that DDB dopants that did not have high enough redox potential to initiate
electron transfer with the polymer also were unable to infiltrate into the film. Using grazing-incidence
wide angle X-ray scattering, we showed that the DDB dopants, despite their large size, induce a phase
transition in the P3HT crystallites in which the lamellar side region expands than the DDB anions sits in
the side chains of the polymer just as small molecules like F 4TCNQ do. This is a crucial discovery in the
understanding of the molecular doping of polymers because it demonstrates that dopants of a very wide
size variety will sit in the lamellar regions of the polymer crystallites. This means that all dopants will have
a minimum spatial separation of the length of side chains, indicating that the carriers from this method of
doping will have low coulomb attraction to their anions and therefore good mobility.
While all of the fundamental understanding we gained about polymer doping from working with
the DDB dopants is crucial for understanding the morphology-mobility relationship in doped polymers, it
is also important to develop systems that are able to be developed for larger-scale implementation. Most
polymer doping studies are performed on very thin films (~100 nm), however in order for highly doped
film to be used in applications such as thermoelectrics, the films used need to be much thicker. In the
next part of this work (Chapter 4), we employ two methods of molecular doping of P3HT with F 4TCNQ on
films of a variety of thicknesses and measure their resulting structural trends and thermoelectric
performance.32 We use a traditional spin coating method which has been proven many times to work on
small area films but often creates uneven spreading in large areas. We compare this to an evaporationinduced vapor doping method which is possible because of the high vapor pressure of F 4TCNQ. We find
that it is possible to fully dope a film via vapor deposition up to 400 nm thick and that spin coating can
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dope films up to 2000 nm thick. We also find that both increasing the thickness and doping via vapor
deposition increases the long-range order of the film therefore its thermoelectric device performance.
Overall these results suggest that it is possible to scale up this sequential doping process for more realworld applications.
While molecular doping has been demonstrated to be an effective way of increasing polymer
conductivity, another advantage to these materials is the tunability of their molecular structure. The
second half of this thesis (Chapters 5-7) will study the ways that polymer structure and order can be
manipulated to produce a desired morphology. First, we study a system of conjugated block copolymers
in order to understand the molecular weight effects on self-assembly and crystallization behavior (Chapter
5).33 Block copolymers have been a common area of study for many decades are useful because of their
tunable self-assembly behavior that allows for morphology control on the nanoscale. Thus, the
understanding of amorphous block copolymers is well understood. However, there is relatively little that
has been researched on crystalline block copolymers particularly those where the blocks have unique
crystallization properties. Crystalline block copolymers are potentially a powerful tool for the organic
electronics field because their extensive tunability.34,35 In this work we study a set of conjugated
polythiophene, polyselenophene block copolymers and using a both wide and small angle X-ray scattering
to study the crystallization morphology at multiple molecular weights. We find that at low molecular
weight the polymer system undergoes crystallization-driven phase separation however as molecular
weight increases, the polymer blocks co-crystallize into nanofibers. This behavior is opposite of what is
typically found in amorphous block copolymers where high molecular weight drives phase separation.
Further, we find that the polymer molecular weight that lead to the most co-crystallized morphology
results in the best carrier transport. This study demonstrates the promise of block copolymers in the
organic electronic field because of the control over their morphology that can be used to improve charge
transport behavior.
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Figure 1.3 Molecular structure and cylindrical micelle formation of PCT.

Next, we study the self-assembly properties of an amphiphilic alternating co-polymer and develop
a set of design rules used to synthesize polymer that self- assemble into straight, cylindrical micelles
(Chapter 6, Figure 1.3). One of the main contributions to trap states in semiconducting polymers are
locations where the polymer chain bends, interrupting the conjugated network. Thus, the goal of this
section is to design a polymer that will self-assemble with straight chains and reduce intrinsic trap states.
Previous work from our group has demonstrated that it is possible to create cylindrical micelles with an
amphiphilic copolymer.36-38 However, this polymer system exhibited deviation from linearity and thus still
had some disorder in the polymer chains. We improved upon this system both by tuning the band gap of
the polymer to make it absorb more in the visible to make it more applicable for OPV applications and by
better matching the bond angle between the alternating monomer units. We find that the change in bond
angle to be closer to 180⁰ is crucial for improving the linearity of the polymer micelles. From extensive
characterization using small-angle X-ray scattering (SAXS) and Transmission X-Ray Microscopy (TEM), we
find that our new polymer forms nearly ideal cylindrical micelles.

Figure 1.4 Depiction of polymer chains incorporated into aligned mesoporous silica.
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While the previous two chapters have examined methods of manipulating polymer morphology
to increase order in the overall system, the last chapters in this work studies the detailed aggregation
behavior of two common polymers once they are highly ordered. This chapter uses a host guest system
of aligned mesoporous silica and studies and compares the effect of aggregation on a crystalline polymer
and an amorphous polymer on the nature of exciton formation and delocalization within this system
(Chapter 7,Figure 1.4). Spano et al. have developed a model that shows that exciton-vibronic coupling in
semiconducting polymers make is possible to determine the nature of chromophore coupling and exciton
delocalization from simple spectral signature in absorbance and photoluminescence spectra. 39-42 We use
this model to better understand the optical signatures of our two polymers in question and to measure
their change in aggregation properties due to confinement in the mesoporous silica. We find that the
aggregation properties of these polymers when the chains are forced to be straight, surprisingly is still
dependent on the intrinsic crystallinity of the polymer, indicating that the properties that arise when
polymer chains are forced to be ordered are not universal.
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Chapter 2 Dodecaborane-Based Dopants Designed to Shield Anion Electrostatics Lead to Increased
Carrier Mobility in a Doped Conjugated Polymer
2.1 Introduction
Creating electrical carriers by doping in a controlled fashion enables semiconductors to be used
in a wide variety of opto- electronic applications. Indeed, doped conjugated polymers are found in
commercially available organic light-emitting diode (OLED) displays,1 used to enhance organic solar cells2
and field-effect transistors,3 and are receiving increased attention for thermoelectric applications.4-9
Doping of conjugated polymers can be achieved by electrochemical10 or electrical charge injection11
methods, but chemical doping is the best method to pro- duce stable carriers without the need for a
continuously applied potential. Chemical doping involves the introduction of a strong electron acceptor
(oxidizing agent, for p-type doping) or a strong electron donor (reducing agent, for n-type doping) that
can undergo a charge transfer reaction with the polymer,12 creating charge carriers on the polymer chain
while the dopant molecules remain in the film as counterions. Most conjugated polymers are p-type
semiconductors, with positive carriers (holes, often referred to as polarons) created by oxidizing dopants.
Some of the earliest molecular dopants for conjugated polymers were halogen vapors,12 but the
instability of the doped films produced this way has led to the design of more stable molecular dopants. 13
One of the most popular molecular dopants for conjugated polymers is 2,3,5,6-tetrafluoro-7,7,8,8tetracyanoquinodimethane (F4TCNQ);4-9,14-22 see Figure 1a (red) for chemical structure. F4TCNQ has a lowlying lowest unoccupied molecular orbital (LUMO), (≈5.2 eV vs vacuum)23 giving it the ability to p-dope a
wide variety of conjugated polymers, including poly(3-hexylthiophene-2,5-diyl) (P3HT), whose chemical
structure is shown in Figure 1a (green). Unlike doped inorganic semiconductors, where the interactions
of substitutional impurities with the generated charge carriers are screened, the majority of the dopinginduced carriers in con- jugated polymers remain Coulomb-bound to the dopant counterions due to the
low permittivity of organic materials.16-18 For P3HT doped with F4TCNQ, it has been estimated that even
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though the majority of F4TCNQ molecules undergo integer charge transfer with P3HT, 95% of the holes
that are created remain bound to their counterions16 and thus do not con- tribute to electrical conduction.
Indeed, strong electrostatic interactions between polarons and their counterions are known to localize
polarons. To overcome this issue of carrier localization, in this work we describe a perfunctionalized
dodecaborane cluster that was designed to spatially separate the anions created when doping conjugated
polymers. Dodecaborane (DDB) clusters are robust and kinetically stable due to their 3D aromaticity,
which allows for electron delocalization around the boron scaffold. 24-28 Certain perfunctionalized clusters
of the type B12(OR)12 (R = alkyl, aryl, H) behave as reversible, redox-active species with multiple accessible
oxidation states.27-31 Recent advances have led to the rational and rapid synthesis of such substituted
dodecaboranes with tunable redox potentials.29 We have designed a DDB cluster with a very high groundstate redox potential, which when combined with the cluster’s intrinsic stabilization of electron density in
its well-shielded core, makes it an outstanding candidate to molecularly dope conjugated polymers and
reduce their mobilities.15
To overcome this issue of carrier localization, in this work we describe a perfunctionalized
dodecaborane cluster that was designed to spatially separate the anions created when doping conjugated
polymers. Dodecaborane (DDB) clusters are robust and kinetically stable due to their 3D aromaticity,
which allows for electron delocalization around the boron scaffold. 24-28 Certain perfunctionalized clusters
of the type B12(OR)12 (R = alkyl, aryl, H) behave as reversible, redox-active species with multiple accessible
oxidation states.27-31 Recent advances have led to the rational and rapid synthesis of such substituted
dodecaboranes with tunable redox potentials.29 We have designed a DDB cluster with a very high groundstate redox potential, which when combined with the cluster’s intrinsic stabilization of electron density in
its well-shielded core, makes it an outstanding candidate to molecularly dope conjugated polymers.
The conventional processing method to dope polymeric semiconductors, known as blend doping,
involves mixing the polymer and dopant in solution prior to casting the doped polymer onto a substrate.
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The solvents for most conjugated polymers, however, are nonpolar, such that at high doping levels the
charges produced on the polymer and dopant render them insoluble during solution processing, yielding
very poor doped film quality. This problem has been overcome by sequential doping,5-9,14,15,19-22,32,33 which
relies on exposing a precast polymer film to the dopant, either in the vapor phase 5-8,20,22,32,33or in
solution.14 Solution sequential processing uses a semiorthogonal solvent to swell but not dis- solve the
polymer underlayer, allowing mass action to drive the dopant into the swollen polymer film. 5,6,8,9,14,1519-21
Doping by solution sequential processing (SqP) maintains all of the advantages of solution-based
processing methods, producing high-quality films with conductivities that are significantly better than
those produced by blend doping.14,19 We expect that SqP should be amenable for use with dodecaborane
clusters given that it is routinely used to infiltrate large molecules such as fullerenes and large dopants
into films of conjugated polymers.34-38
2.2 Results and Discussion
Here, we report the use of a newly synthesized, strongly oxidizing perfunctionalized DDB cluster
as a dopant for the conjugated polymer P3HT. The chemical structure of our new cluster, shown in Figure
2.1a (blue), depicts the pseudo- icosahedral dodecaborane core with each vertex functionalized with a
3,5-bis(trifluoromethyl)benzyloxy substituent. We refer to this to this molecule as DDB-F72 because of the
72 electron-withdrawing F atoms placed on the periphery of the cluster. Using SqP to dope identical films
of P3HT with both DDB-F72 and F4TCNQ, we find that at equimolar doping concentrations, DDB-F72
produces doped films with conductivities that are an order of magnitude higher. We verify using NMR
spectroscopy techniques that there is negligible electron transfer between DDB-F72 clusters, so that the
conductivity improvement we see comes solely from the increased mobility of polarons on the conjugated
polymer.
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Figure 2.1 Chemical structures and schematic energy diagram of P3HT, F4TCNQ, and DDB-F72 showing
≈0.5 V greater offset for DDB-F72 than F4TCNQ. b) (Top) Ball-and-stick representation of the X-ray
crystal structure of DDB-F72; (bottom) DDB-F72 anion SOMO calculated by TD-DFT showing the
electron localized on the DDB core. c) Conductivities (solid symbols, calculated using the measured
thickness) and idealized conductivities (open symbols, calculated using the 120 nm original thickness)
of P3HT films doped with F4TCNQ (red symbols) and DDB-F72 (blue symbols) via solution sequential
doping. The error bars are the standard deviation calculated from at least three samples. At the same
dopant concentration, DDB-F72 pro- duces conductivities that are an order of magnitude higher than
those produced by F4TCNQ.

To understand this increased conductivity, we structurally characterize our doped polymer films
by using X-ray photoelectron spectroscopy (XPS) and 2D grazing-incidence wide-angle X-ray scattering
(2D-GIWAXS) to show that DDB-F72-doped P3HT films are remarkably noncrystalline, likely due to the fact
that the DDB cluster cannot intercalate into the crystalline polymer domains due to its large size. This is
in sharp contrast to dopants such as F4TCNQ, which reside within the polymer crystallites9,15 in closer
proximity to the polarons. In addition to residing farther from the polymer crystallites, the steric footprint
associated with DDB-F72’s peripheral substitutions, in combination with the delocalization of the unpaired
16

electron within the shielded boron cluster core, allows for greatly reduced electrostatic interactions
between DDB-F72 anions and the holes on the polymer chains.
With this reduced electrostatic interaction, we show using combination of AC Hall effect and IR
spectroscopy measurements that the polarons on P3HT doped with DDB-F72 have mobilities that are an
order of magnitude higher than those created by doping with F4TCNQ; the carrier mobilities with DDB- F72
are comparable to those created by charge modulation with no anions present at all. 11 We calculate
idealized conductivities in our DDB-F72-doped P3HT films of 32 S cm-1, despite the lack of crystallinity in
our doped material. These findings highlight the importance of polaron delocalization effects and the
corresponding need to electrostatically screen the anion from the holes. Reducing the polaron/counterion
Coulomb interaction is clearly important for electrical conduction. We suspect the reason that high
crystallinity is important for good conductivity with dopants such as in F4TCNQ that it also reduces the
Coulomb interaction. This is because when F4TCNQ enters the polymer crystallites, it happens to sit in the
lamellar regions among the polymer side chains so that the anion is held a fair distance away from the
polymer backbone where the polaron resides, so that high crystallinity leads to a reduced Coulomb
interaction. In contrast, our tailored DDB dopants are so large that they can only infiltrate amorphous
regions, but electrostatic shielding is taken care of by the dopant itself so that polymer crystallinity is no
longer required.
We chose P3HT for this study as it is a model conjugated polymer that has become an important
reference material for the study of optoelectronic processes in organic semiconductors. The offset
between the highest occupied molecular orbital (HOMO) of the polymer and LUMO of the dopant gives
the energetic driving force for doping via integer charge transfer. 16 Figure 2.1a shows these energy levels
for P3HT, F4TCNQ, and DDB-F72 based on cyclic voltammetry (CV) measurements of the dopants (see
Figure S6 in the Supporting Information) and literature values for P3HT.39 Our CV measurements indicate
a 0/1- redox potential of 0.16 V versus Fc/Fc+ for F4TCNQ, in excellent agreement with literature values.40
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The redox potential of DDB-F72 is 0.67 V versus Fc/F+, thus producing a 0.5 eV greater energetic driving
force for doping compared to F4TCNQ.
The X-ray crystal structure of DDB-F72 is shown in Figure 2.1b (top) (see the Supporting
Information for CIF file). The diameter of DDB-F72 is ≈2 nm, nearly twice that of a C60 molecule. The B12based core lies deep in the center of the cluster, surrounded by the corona of 12 bulky substituents, so if
the additional unpaired electron on the reduced cluster is confined to the core as expected,29,31we should
be able to achieve increased spatial separation of the electron from the polaron. Indeed, our timedependent density functional theory (TD-DFT) calculations reveal that the singly occupied molecular
orbital (SOMO) of the DDB-F72 anion is delocalized only on the core, as shown in Figure 2.1b (bottom).
To dope conjugated polymer films via SqP, we started by spinning 120 nm thick P3HT films out of
1,2-dichorobenzene at 1000 rpm for 60 s. We then spun the dopant (F4TCNQ or DDB-F72) out of solutions
with different concentrations in dichloromethane (DCM) at 4000 rpm for 10 s on top of the pre- cast
polymer film. We measured the electrical conductivity of the doped films using the Van der Pauw
method,41 a type of four-point-probe measurement, with the electrodes placed at the corners of a 1.5 cm
x 1.5 cm square (see the Supporting Information for details). The results are shown in Figure 2.1c.
The filled points/solid curves in Figure 2.1c show that for the same molar concentration of dopant,
the conductivities of P3HT films doped with DDB-F72 (blue down-pointing trian- gles) are about an order
of magnitude higher than the F4TCNQ- doped samples (red squares). For example, at 1 x 10-3 M dopant
concentrations, we achieve P3HT conductivities of 12.9 S cm -1 when doped with DDB-F72 but only 1.4 S
cm-1 when doped with F4TCNQ. We were unable to explore SqP doping concentrations higher than a few
millimolar because of the solubility limit of both dopants in DCM. The drop in conductivity observed for 3
x 10-3 M DDB-F72 solutions is due to their colloidal nature, which is above the molecular solubility limit;
the colloidal solutions do not effectively deliver dopant in the P3HT film, as documented in the
spectroscopy section of the Supporting Information. The DDB-F72-doped films are stable under inert
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atmosphere for days (see the Supporting Information), suggesting the films would remain stable
indefinitely if packaged appropriately.
One interesting feature of SqP is that so much of the large DDB-F72 dopant can be intercalated
that the polymer films change thickness after doping.34 Starting with 120 nm thick pre-cast P3HT films, we
find that doping with a 1 x 10-3 M solution yields 140 nm thick films doped with F4TCNQ but 300 nm thick
films doped with DDB-F72. Since SqP relies on swelling of the polymer followed by infiltration of the dopant
into the swollen polymer matrix,35 we worried about whether or not DDB-F72 was fully penetrating into
the P3HT film. Given the large size of the DDB-F72 molecule and the fact that some large dopants have
shown limited film penetration in previous work, 42 it is possible that the large increase in thickness we
observe results from an overlayer of excess DDB-F72 on top of the P3HT film rather than uniform
intercalation throughout the film.
To investigate the penetration of the dopant into the film, we used XPS, which has a penetration
depth of only a few nm, to examine the oxidation state of boron near the top surface of the film. Figure
2.2 shows the B 1s XPS spectra of both the neutral DDB-F72 cluster (black curve) and the DDB-F72 anion
(red curve), along with one of our DDB-F72-doped P3HT films (blue curve). The data make clear that the
boron on the top surface of our films is reduced, suggesting that there is no excess overlayer of neutral
clusters on top of the film, and that the clusters have indeed penetrated well into the P3HT layer. Further
evidence that there is no continuous cluster overlayer is that XPS is able to pick up considerable signal
from the sulfur of P3HT on the top surface of this doped film (see Table S3 in the Supporting Information).
In addition, we imaged the top surface of the films using both optical and scanning electron microscopies
(SEM) (see Figures S9 and S10 of the Supporting Information). In the optical images, we see sparse
crystallites of DDB-F72 that certainly do not form a contiguous overlayer. The SEM images reveal a sharp
crack pattern, which we attribute as resulting from the expansion and contraction of the film upon
swelling and deswelling during the SqP process.
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Figure 2.2 Structural characterization of DDB-cluster-doped films. a) B 1s XPS spectra of the top surface
of pure DDB-F72 films in the neutral [0, black curve] and anionic [-1, red curve] states, overlaid with
that of a DDB-F72-doped P3HT film (blue curve). The overlap of the doped film and anion spectra
indicates that the clusters at the top surface of the film are all reduced. (Inset) XPS-determined B:S
and F:S ratios measured at the top and bottom of DDB-F72-doped P3HT films indicating that the clusters
penetrate the film. b) Out-of-plane (top) and in-plane (bottom) 2D-GIWAXS spectra for films of pure
P3HT (green curves) and DDB-F72- doped P3HT (blue curves). (Inset) Zoomed in view of the (100) peak.
Dopant-induced peaks are denoted by asterisks (*). These data indicate DDB-F72 does not enter the
crystallites given its large size and at high dopant concentration (dark blue dashed-dotted curves),
there is significant loss of overall crystallinity.
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To further our understanding of the degree of cluster penetration, we also examined the
elemental composition of both the top and bottom surfaces of our DDB-F72-doped P3HT films using XPS;
we accessed the bottom surfaces by floating doped films off the substrate,34 as described in more detail
in the Supporting Information. Since sulfur is unique to P3HT while boron and fluorine are unique to DDBF72, the sulfur 2p:boron 1s and sulfur 2p:fluorine 1s peak-integrated ratios, shown in the inset to Figure
2.2a, give a good measure of the film com- position at each surface. The data make clear that the B:S and
F:S ratios on the top and bottom of the DDB-F72-doped films are similar, suggesting that the clusters are
roughly evenly distributed throughout the film. Indeed, recent work has shown that other fairly large
dopant molecules also are able to penetrate well into pre-cast P3HT films.37 Moreover, the XPS peak
position for boron on both the top and bottom film surfaces indicate the cluster is reduced throughout
the film (see the Supporting Information for detailed XPS peak fit assignments and additional information).
It is important to note that the calculation of electrical conductivity from the measured sheet
resistivity scales inversely with the thickness of a material. Given the large thickness change of our DDBF72-doped films, this makes the conductivities we measure all the more remarkable because electrical
conduction takes place only on the polymer, but the polymer comprises only ~1/3 of the material in the
DDB-F72-doped films. To verify the conduction mechanism, we investigated the kinetics of electron selfexchange between [DDB-F72]0 and [DDB-F72]-1 by dynamic NMR line broadening experiments, described in
more detail in the Sup- porting Information. Using 19F NMR across a range of 40 ⁰C, we observed no
coalescence of the peaks corresponding to the neutral and anionic forms of DDB-F72 in solution, indicating
an electron self-exchange rate slower than that of the experimental timescale (kET < 1.2 x 103 s-1 or τ ET >
0.84 ms), which is orders of magnitude longer than the typical collision time between clusters. This
indicates that there is a high intrinsic barrier to electron transfer between DDB-F72 clusters, most likely
the result of small electronic couplings due to poor orbital overlap between self-exchanging pairs.43-45
Indeed, the idea of poor electron transfer between DDB clusters is in agreement with our TD-DFT
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calculations in Figure 2.1b, which show strong localization of the electron in the cluster interior, likely due
to stabilization from the aromaticity of the B12 cluster. Overall, our NMR measurements strongly imply
that electron hopping between DDB clusters does not occur on any reason- able timescale, and therefore
the electrical conduction of our doped films takes place only through the polymer network.
Given that the doped films are 300 nm thick but that there is only an initially 120 nm thickness of
polymer material in the doped film to conduct, we calculated “idealized conductivities” based on the initial
polymer thickness of 120 nm rather than using the measured doped film thickness. These idealized
conductivities, which represent the limit of conductivity that could be achieved with the same carrier
mobility if there were no swelling of the film during doping, are shown by the dotted lines and open
symbols in Figure 2.1c. The difference between the idealized conductivity and the conductivity is larger
for the DDB-F72-doped films due to their larger thickness increase. At the 1 x 10-3 M dopant concentration,
we achieve idealized conductivities of ≈32 S cm-1 for the DDB-F72-doped films, whereas the idealized
conductivity of F4TCNQ-doped films reaches only 2.0 S cm-1.
To better understand the structure of our DDB-F72-doped films, we used 2D GIWAXS. Figure 2.2b
shows the out-of-plane (top) and in-plane (bottom) scattering patterns of P3HT (green solid curves) and
P3HT doped with DDB-F72 from low-to-high concentration (light-to-dark blue curves). As expected for pure
P3HT, which is well known to have a preferential edge-on orientation,8,9,20 we see that the intensity of the
π-π stacking (010) peak is largely in-plane, while strong peak intensity is observed in the out-of-plane
direction for the lamellar (h00) peaks, indicating edge-on orientation with respect to the substrate.
Upon doping with DDB-F72 with low-to-mid concentration solutions (0.05 and 0.3 x 10-3 M), we
see that the edge-on orientation of P3HT’s crystallites is maintained as the (010) peak is still largely inplane, consistent with the fact that SqP is known to preserve domain orientation. 14,15,36] The in-plane data
reveals a shift in the (010) peak to higher Q, reminiscent of what has been previously reported for
F4TCNQ,9,15 but with some significant differences. In F4TCNQ-doped-P3HT, a much larger shift of the (010)
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π-stacking peak, out to 1.8 Q, is observed upon doping com- pared to what is seen here. Despite the large
peak shift, the change in the π-stacking distance is actually quite small as the structural change is mainly
due to reorientation of the unit cell: F4TCNQ intercalation into the side-chain regions of the P3HT
crystallites causes an adjustment of the chain angle relative to the unit cell axes.9 DDB-F72 only causes a
small shift of the P3HT (010) peak from 1.66 to 1.68 Q, indicating that this intercalation-induced phase
transition does not take place. Additionally, for our DDB-F72-doped films, we observe a small shift in the
P3HT (100) lamellar peak to higher Q (see inset), which is in the opposite direction of what is typically seen
with F4TCNQ doping.9,15 This provides a clear indication that, unlike F4TCNQ, DDB-F72 does not intercalate
into the P3HT lamellar regions. The lack of intercalation of large molecular structures into the polymer
crystallites is not surprising as their size does not allow them to fit between P3HT side chains.
Furthermore, previous work has shown that addition of bulky groups on fullerenes can inhibit their
intercalation into the lamellar regions of conjugated polymers,46 and molecules of DDB-F72 have
approximately twice the diameter of a typical fullerene. Overall, the observed peak shifts suggest that for
DDB-F72, the structural changes induced by doping are solely due to the delocalization of charges within a
crystallite,915 likely accompanied by counterions situated around the edge of each doped crystallite.
At high (1 x 10-3 M) DDB-F72 dopant solution concentration, we see a significant loss of crystallinity
and a broadening of the P3HT (100) peak rather than a shift. Since GIWAXS only reports on crystalline
regions in the doped films, the broadening we observe suggests that at this high doping concentration,
most of the doped regions have become amorphous and the only remaining P3HT crystallites seen via
GIWAXS are those that remain undoped. The large increase in disordered P3HT π-stacking intensity seen
between 1.2 and 1.5 Q further supports the idea that these high-concentration-doped films are much
more disordered than those doped using solutions with lower concentrations of DDB-F72.
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Figure 2.3 Delocalized polaron IR-spectrum. a) Experimental IR absorption spectrum of the polaron in
a 1 x 10-3 M DDB-F72-doped P3HT film. b) Simulated P3HT polaron absorption spectrum for different
anion– polaron distances, taken from ref. 15. The measured spectrum is in excellent agreement with
the theoretical spectrum for an anion at infinite distance, indicating that the polarons in the chemically
doped DDB-F72 sample are as delocalized as possible. Note: A distance-dependent permittivity for the
pure polymer was used for the calculation. Although the use of a different permittivity would change
the shape of the spectrum of the more Coulomb-localized polarons, the spectrum calculated for
infinite anion distance is invariant with respect to the choice of permittivity. 15

Interestingly, we also observe the appearance of new peaks at 0.6 and 1.0 Q (marked by asterisks
in Figure 2.2b) when P3HT is doped with DDB-F72. These new peaks are broadened to the same extent and
show a very similar texture as the P3HT peaks. The new peaks do not at all resemble those seen for DDBF72 crystallites (see the Supporting Information). Therefore, we hypothesize that these new peaks either
result from a new polymorph of P3HT that preferentially forms in the presence of DDB-F72 or a P3HT
polymorph that is stable only at very high doping levels.
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To characterize the extent of charge carrier delocalization in DDB-F72-doped films, we turn to
spectroscopic measurements. Spano and co-workers have argued theoretically that the degree of
delocalization of holes on P3HT is directly reflected in the shape and position of the polaron’s IR
absorption spectrum.15,21,47-49 Their predictions for how the spectral shape changes when the polarons are
localized by proximity to an anion, reproduced from ref. 15, are shown in Figure 2.3b, where the blue
curve shows the spectrum of a fully delocalized P3HT polaron with no confinement by an anion. We have
shown previously using F4TCNQ-doped P3HT films with different crystallinities that the spectrum of
polarons with different degrees of delocalization matches well with Spano and coworkers’ theory, and
indeed correlates strongly with the experimentally measured polaron mobility.15
Figure 2.3a shows the measured IR spectrum of our DDB-F72-doped P3HT films. The shape and
position of the spectrum we measure is essentially identical to that predicted for a fully delocalized
polaron that has no Coulombic interaction with an anion. Indeed, similar IR spectra have been measured
in P3HT films doped by charge modulation with no anion pre- sent (i.e., doped by the presence of a large
applied voltage).11 A similar polaron spectrum also has been observed in recent work doping P3HT with
large molybdenum dithiolene complexes, although the conductivities were much lower than we see here,
likely due to low carrier densities, and carrier mobilities were not reported.38 This indicates that the
electron on the DDB-F72 anion is sufficiently isolated to have no effect on the polaron, despite the
relatively low dielectric constant of P3HT. This is because the electron is localized entirely in the cluster
interior, which by Gauss’ law means that it effectively behaves as a point charge at the center of the
cluster. The steric bulk associated with the substituted DDB cluster means that at no point can the
polaron–anion distance be less than the radius of the cluster, which is ~1 nm. We believe that it is the
combination of electron localization to the dopant interior, shielded by the bulky substituents, with the
fact that the dopants sit out- side the P3HT crystallites that leads to this unusual but highly favorable
situation where the polaron is entirely unaffected by the dopant counterion.
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Table 2.1 Comparison of carrier density (n), mobility (μ), and conductivity(σ) measured by the AC Hall
effect for P3HT films doped with DDB-F72 and F4TCNQ at their respective solubility limits in DCM. Also
shown is the number density of dopant molecules in the film estimated via mass measurements (Nest);
see the Supporting Information for details. The F4TCNQ data is taken from ref. 14.

To further characterize the extent of delocalization of the polarons in our DDB-F72-doped P3HT
films, we performed AC Hall effect measurements,50-53 the results of which for identically prepared
F4TCNQ- and DDB-F72-doped P3HT films14 are summarized in Table 1. The concentrations chosen for both
dopants were their solubility limits in DCM. We note that for low-mobility materials such as doped
conjugated polymers, screening effects can cause Hall effect measurements to slightly overestimate the
mobile carrier concentration and thus slightly underestimate the free carrier mobility,53 as discussed in
more detail in the Supporting Information.
In our P3HT sample doped with 1 x 10-3 m DDB-F72, we measure a mobile carrier concentration
that is roughly twice that of the F4TCNQ-doped sample. We believe that this results from a higher ratio of
integer charge transfer due to the greater energetic driving force for doping with DDB-F72, summarized in
Figure 2.1a, and an increase in free carrier (as opposed to trapped carrier) generation due to less Coulomb
interaction with DDB-F72. In fact, we have estimated the overall concentration of dopant clusters in the
film by directly measuring the change in mass upon doping the films (see the Supporting Information for
details). For F4TCNQ, the dopant density is 4.8(9) x 1021 cm-3 yielding a doping efficiency of ~10% (slightly
higher than the 5% value determined by Pingel and Neher16,17 likely due to the fact that we are in a much
higher doping regime and/or to the potential overestimation of the free carrier concentration via AC Hall
measurements53[53]). For DDB-F72, the dopant concentration is 6.9(6) ± 1.2 x 1020 cm-3, which agrees
within error with the carrier concentration we measure via the AC Hall effect (which we also expect to be
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slightly overestimated53). This strongly suggests that essentially every DDB-F72 dopant molecule gives rise
to a free polaron on P3HT, a full order of magnitude improvement over the ~5–10% free carrier yield
estimated for F4TCNQ.
Perhaps more importantly, the carrier mobility of 0.1 cm2 V-1 s-1 is five times higher for DDB-F72
than F4TCNQ, a direct reflection of the higher degree of polaron delocalization with DDB-F72. Moreover,
the polaron mobility in the DDB-F72-doped P3HT films is comparable to mobilities seen only in chargemodulation-doped films with no anions present11 or in highly crystalline doped 100% regioregular P3HT.15
Finally, the large degree of polaron delocalization is also supported by the results of temperaturedependent conductivity experiments, which are discussed in the Supporting Information.
2.3 Conclusions
Overall, we have demonstrated that by using a functionalized dodecaborane dopant, we can
achieve spatial separation of the conjugated polymer polaron and counterion leading to highly delocalized
and mobile charge carriers even in poorly crystalline polymer material. The dodecaborate cluster anions
cannot infiltrate into P3HT crystallites, resulting in a substantial loss in crystallinity upon doping. Thus, the
counterions reside outside any remaining P3HT crystallites, and the unpaired electron on the DDB-F72
anion is further separated from the polarons on the polymer by being confined to the cluster core. The
shielding provided by the cluster’s physical and electronic structure relaxes the crystallinity constraints
typically needed to achieve high conductivities and mobilities in doped conjugated polymer materials.
Thus, with other dopants such as F4TCNQ, crystallinity is important both for improving the delocalization
of the polarons and for keeping the anion as far from the polymer backbone as possible. With our
dodecaborane cluster dopant, on the other hand, we see that reducing the polaron localization by the
anion is at least as important as delocalization due to crystallinity in determining polaron mobility and
thus overall conductivity. We achieve conductivities of 12.8 S cm -1 and mobilities of 0.1 cm2 V-1 s-1 with
our DDB-F72-doped P3HT, values that are an order of magnitude higher than those obtained with com27

parable doping by F4TCNQ. Since the DDB-F72-doped P3HT films significantly increase in thickness upon
doping and the DDB clusters themselves do not conduct, this means that the idealized P3HT hole
conductivities reach 32 S cm-1. Thus, by carefully designing new molecular dopants, we can pro- duce
stable molecularly doped conjugated polymer films with polaron mobilities limited only by intrinsic
materials proper- ties, rather than being limited by electrostatic attraction to the proximal dopant anion.
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2.4 Supplementary Information
Materials, Synthesis and Characterization
P3HT (Rieke metals inc., 4002-EE, Mn = 50-70 kg/mol, regioregularity 91-94%) and F4TCNQ (TCI
Chemicals) were purchased and used as received. NBu4[DDB-F72] and [NBu4]2[B12(OH)12] were
synthesized following similar methods to previously reported procedures. 54
Microwave reactions were performed using a CEM Discover SP microwave synthesis reactor. The
reactions were conducted in glass 10 mL microwave reactor vials purchased from CEM with silicone/PTFE
caps equipped with a stirbar. 3,5-bis(trifluoromethyl)benzyl bromide (97 %) was purchased from Oakwood
Chemicals and used as received. N,N-diisopropylethylamine (>99 %) was purchased from Sigma Aldrich
and used as received. Reagent grade hexanes, acetone, and ethyl acetate used for column
chromatography were purchased from Sigma Aldrich and used as received. The CH3CN (anhydrous, 99.8
%) used for the synthesis of DDB-F72 was purified using a solvent purification system and was stored in a
nitrogen-filled glovebox over activated 3 ˚A molecular sieves. NMR spectra were recorded using Bruker
AV500 or Bruker AV300 spectrometers at 300 or 500 MHz (1H), 161 MHz (11B), and 282 MHz (19F)
reported in δ (parts per million) relative to tetramethylsilane (1H), BF3·Et2O (11B) or C6H5F (19F),
respectively, and referenced to residual 1H signals of the deuterated solvent (1H (δ) CDCl3 7.26; 11B (δ)
BF3Et2O 0.00 ppm; 19F (δ) C6H5F -113.15 ppm). Deuterated solvents (Cambridge Isotope Laboratories) for
NMR spectroscopic analyses were stored over 3 Å molecular sieves.
B12(OCH2((3,5-CF3)2C6H3))12 (DDB-F72) : [NBu4]2B12(OH)12 (200mg, 0.244 mmol) was
charged to a 10 mL glass CEM microwave vial equipped with a stirbar. 3 mL of CH 3CN was added, followed
by N,N-diisopropyl-N-ethylamine (0.81 mL, 4.64 mmol) and 3,5-bis(trifluoromethyl)benzyl bromide (2.69
mL, 14.7 mmol). The mixture was heated to 140 ⁰C in a microwave for 45 min. Upon cooling, the purple
mixture was concentrated under reduced pressure and was subjected to column chromatography. The
purple mixture was loaded with 65/35 hexanes/ethyl acetate (some of the material did not fully dissolve)
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and the excess benzyl bromide was eluted. The column was flushed with acetone and the eluent was
collected. The acetone fraction was dried in vacuo. The resulting residue was charged to a vial equipped
with a stirbar and brought into the glovebox, where it was dissolved in ∼ 5 mL CH3CN and was charged
with NOBF4 (71 mg, 0.607 mmol). The resulting mixture, which gradually developed an orange precipitate,
was stirred for 12 h. The orange mixture was placed in the freezer (∼ −30 ◦C) overnight and was then
isolated by filtration on a glass frit and washed three times with cold (∼ −30 ◦C) CH3CN. The resulting
orange powder was dried in vacuo and was used without further purification. (448 mg, 60%) 1H NMR (500
MHz, CDCl3) 7.77 (s, 12H, Ar), 7.52 (s, 24H, Ar), 5.47 (s, 24H, CH 2); 11B NMR (161 MHz): 41.28 (s); 19F NMR
(282 MHz): 63.73 (s).
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Figure S1. 1H NMR of DDB-F72, * residual H2O.
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Figure S2. 11B NMR of DDB-F72.

Figure S3. 19F NMR of DDB-F72.
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Experimental Methods
Cyclic Voltammetry The redox potentials of F4TCNQ and DDB-F72 were measured in-house by cyclic
voltammetry using a CH Instruments CHI630D potentiostat with a glassy carbon disc working electrode,
Pt wire counter electrode, and Ag/Ag+ wire pseudoreference. All experiments were conducted at a 0.5
mM analyte concentration in 0.1M [NnBu4]PF6/CH2Cl2 at a scan rate of 0.1 mV/s and referenced to an
internal ferrocene standard. The solution was degassed by bubbling Ar, and the CV measurements were
performed under Ar gas.
TD-DFT Ground state geometry optimization of the neutral DDB-F72 molecule was performed
using Turbomole55 for which the initial coordinates were adopted from the single crystal X-ray structure.
The τ-dependent gradient-corrected functional of Tao, Perdew, Staroverov, and Scuseria (TPSS) 56 with the
def2-TZVP57,58 basis set was used. In order to access the energies of the anion SOMO, the TD-DFT
formalism was used with the hybrid functional of TPSS(TPSSh)56,59 with cc-pvdz60,61 basis set. Gaussian 0962
was used for the excited state calculation and Avogadro was used for visualization.
Electron transfer self-exchange rate by NMR Under an inert atmosphere, 0.1 mM stock solutions
of [DDB-F72]0 and [DDB-F72]− were prepared using 4:1 o-difluorobenzene:benzene as the solvent. Five
aliquots of the oxidized species were then added to separate J-Young NMR tubes giving volumes of 0 L,
200 L, 400 L, 600 L, and 800 L respectively. To these samples, aliquots of the reduced species were added
such that the final sampled volume totaled 800 L. This afforded five samples whose mole fraction of
reduced species was near 1, 0.75, 0.5, 0.25, and 0 respectively. All samples were analyzed immediately on
a Bruker 300 MHz NMR spectrometer and analyzed using iNMR software. A total of 64 scans of 65536
data points (2.04 Hz resolution) were collected from +20.0 to −216.0 ppm.
Film fabrication Substrates were cleaned by sequential sonication in alconox detergent solution, deionized
water, acetone, and isopropanol. Subsequent film preparation steps were carried out in nitrogen glove
box atmosphere. P3HT films were spin-coated at a rate of 1000 rpm for 60 seconds from a 20 mg/mL
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polymer solution in orthodichlorobenzene, producing ∼120-nm thick films. The films were doped in a
second step in which the dopant solution was deposited on the pre-cast polymer film and spin-coated at
4000 rpm for 10 seconds. All DDB-F72 and F4TCNQ dopant solutions were prepared in dichloromethane at
the concentrations stated in text. Film thicknesses were measured using a Dektak 150 stylus profilometer.
Mass measurements were taken with a Mettler AT20 analytical microbalance. Dodecaborane clusters are
stored in air and show no signs of degradation. The cluster is also structurally stable in solution, however,
it can undergo a redox reaction with the solvent if left for too long. Solutions were used within a few days
of making them. Doped films are stable under inert atmosphere for days.
Conductivity Devices for conductivity measurements were fabricated on 1.5 cm × 1.5 cm glass
substrates. Following film fabrication, electrodes were placed on the corners of the sample using PELCO
conductive silver paint. The Van der Pauw method was used to measure conductivities in-house as well
as the values reported in Table 1 of the main text, which were measured indepen- dently at Lake Shore
Cryotronics on samples prepared for AC-Hall measurements (described below). Our Van der Pauw
measurements were performed using a custom-made apparatus in ambient at- mosphere using a Kiethley
2400 Sourcemeter controlled by Labview software where the maximum current sourced was held to 1
mW total power. All reported values were averaged over multiple measurements taken on at least 3
samples.
Sample Imaging Optical images were taken using a Carl Zeiss Axiotech 100HD microscope.
Scanning Electron Microscopy (SEM) images of the 1 mM DDB-F72 doped films have been studied using a
JEOL 7500F HRSEM with a 5 kV accelerating voltage.
XPS
XPS was performed using a Kratos Axis Ultra DLD spectrometer with a monochromatic Al Kα radiation
source and a charge neutralizer filament was used to control charging of the sample. A pass energy of 20
eV was used for all spectra with a 0.1 eV step size and 300 ms dwell time. All spectra were calibrated to
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the advantageous carbon 1s peak at 284.8 eV. Films for standard XPS were fabricated on sapphire
substrates to minimize interference from the silicon 2s plasmon peaks with the boron 1s signal. In order
to analyze dopant infiltration, spectra of the top (front) and bottom (back) of the films were obtained by
floating films off glass substrates and placing them on copper tape. Floating was accomplished by cutting
a grid pattern into the film using the free edge of a razor, and applying deionized water. No sacrificial
layers such as poly(3,4-ethylenedioxythiophene) polystyrene sulfonate or polyacrylic acid were used as
they were difficult to remove completely, which affected the obtained surface sensitive ratios. Analysis
was performed using CasaXPS software and the relative sensitivity factors used were from the CASAXPS
library.
GIWAXS Films for 2-D GIWAXS measurements were prepared on silicon substrates. Measurements were performed at the Stanford Synchrotron Radiation Lightsource on beamline 11-3 using a
wavelength of 0.9742 ˚A with an incidence angle of 0.12◦. Diffraction patterns were collected in a
helium chamber to increase signal-to-noise with a sample to detector distance of 250 mm and a spot size
of ∼150 µm on the image plate. The 2-D diffractograms were radially integrated from to 0-10◦ and 80-90◦
to obtain the in-plane and out-of-plane diffraction patterns. The software package WxDiff was used to
reduce the GIWAXS data and subsequent analysis was performed in IgorPro. The intensities on the
opposite sides of the diffractogram (90-180◦) were also checked to ensure they matched the chosen limits.
Each integration was background corrected for substrate scattering. The subtractions were performed on
the raw scattering data to ensure that no errors occurred due to background subtraction. To ensure
reproducibility in diffraction intensity and shape, all samples were made and measured in triplicate.
Spectroscopy UV-VIS-NIR absorption spectra were acquired from 300-2500 nm using a Shimadzu
UV3101PC UV-VIS-NIR Scanning Spectrophotometer for films prepared on both glass substrates and KBr
pellets (cleaned in chlorobenzene and acetone). FTIR data was acquired from 220-7000 cm−1 for films on
KBr plates using a Jasco FT/IR-420 spectrometer.
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AC-Hall Devices for AC-Hall effect measurements were prepared on 1 cm × 1 cm glass substrates.
Following film fabrication, silver electrodes were deposited on the corners of the samples with an
Angstrom Engineering, Inc. evaporator at a pressure of < (1×10−6 Torr). The silver layer was deposited at
a rate of 0.5 ˚A/s up to 10 nm, followed by 1 ˚A/s to a final total thickness of 60 nm. Samples were packaged
in scintillation vials under argon atmosphere before being sent to Lakeshore Cryotronics for testing. AC
magnetic field Hall measurements were performed with a Lake Shore
model 8400 series AC Hall probe system at a field strength of 0.6484 T and a current of 1.00 × 10−5.
Nitrogen was flowed continuously over the samples to reduce error from sample degradation. The
technique is similar to DC Hall Effect, but with an oscillating magnetic field at a certain frequency such
that the hall voltage (resulting from the Lorentz force) becomes time dependent. This allows the hall
voltage to be distinguished from the static misalignment offset voltage, which is large in low mobility
materials.
Electron transfer self-exchange rate by NMR
According to Marcus-Hush theory of electron transfer (ET), the rates of electron self-exchange
(ket) can be directly related to rates of intermolecular ET with other redox species and the total
reorganization energy (λtot) for ET.63 The kinetics of electron self-exchange in DDB-F72 were investigated
by dynamic NMR through the application of line broadening experiments. The NMR spectrum was
recorded for samples in which the mole fraction of the reduced species ([DDB-F72]−) was varied relative
to the oxidized species ([DDB-F72]0). The NMR line shape is highly sensitive to the rate of exchange and
when exchange is in the fast regime k(Ctot) >> 2π(∆ν), the chemical shifts of the exchanging species are
fund to be the averages of the diamagnetic and paramagnetic chemical shifts weighted by their respective
mole fractions.64 Rate constants can then be determined by equation 1 after spectral deconvolution:64
𝑘𝑒𝑡 =

4𝜋𝜒𝑟𝑒𝑑 𝜒𝑜𝑥 (∆𝑣)2
(𝜔𝑟𝑜 − 𝜒𝑟𝑒𝑑 𝜔𝑟𝑒𝑑 − 𝜒𝑜𝑥 𝜔𝑜𝑥 )𝐶𝑡𝑜𝑡
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Here, 𝜒𝑟𝑒𝑑 and 𝜒𝑜𝑥 are the mole fractions of reduced and oxidized species, ∆ν is the difference in chemical
shift between reduced and oxidized species in Hertz, 𝜔𝑟𝑜 is the peak width at half maximum of the mixture
in question, 𝜔𝑟𝑒𝑑 and 𝜔𝑜𝑥 are the peak widths at half maximum of the pure reduced and oxidized species,
and 𝐶𝑡𝑜𝑡 is the total concentration in moles per liter. Although any NMR active nucleus may be used to
determine the rates of self-exchange, in this present study, 19F NMR was used to determine the rates of
self-exchange as the large number of fluorine atoms present offered an excellent spectroscopic handle.
The NMR scans taken for five mole fractions of [DDB-F72]0/− at 20 ◦C (bottom), 40 ◦C (middle), and
60 ◦C (top) in a solution of 4:1 o-difluorobenzene:benzene are shown in Fig. 5. The lack of coalesced
spectra across a 40 ◦C temperature range suggest that intermolecular self-exchange for the [DDB-F72]0/−
redox couple occurs much slower than the NMR time-scale65 (ket < 1.2 × 103 s−1 or tet < 0.84 ms). This
timescale is orders of magnitude slower than the expected collision time for two clusters. The
concentration of DDB-F72 used was 0.1 mM, which means there are ∼10 particles in a 550 nm3 volume,
or an average distance between clusters of ∼8 nm. According to the Stokes-Einstein equation, the
diffusion constant of 2-nm spherical particles in a typical organic liquid at room temperature is ∼1.8×10−10
m2/s. This means one of our DDB-F72 clusters should diffuse far enough to encounter each other on a 60
ns time scale, which is much faster than the 840 µs timescale of the NMR experiment. Thus, even after
over 1000 collisions between particles, there is no sign of motional narrowing and thus ET between the
clusters. These results support high intrinsic barriers to ET most likely attributed to small electronic
couplings (Hab) and poor orbital overlap between self-exchanging pairs.43-45
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Figure S4. 19F NMR of the one-electron self-exchange interaction of the [DDB-F72]0/− redox couple
with increasing mole fraction of [DDB-F72]− from bottom to top in any given series. Spectra were
recorded at 20 ◦C (bottom), 40 ◦C (middle), and 60 ◦C (top) in a 4:1 o-difluorobenzene:benzene
mixture and referenced to an internal standard of trifluoroethanol sealed in a capillary tube.
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The minimal distortion observed between the solid state structures of [DDB-F72]0 and [DDB- F72]−
shown in Fig. 5 suggests that reorganization energies do not contribute significantly to the electron selfexchange barrier in these systems. The largest observed distortion is found in the capping benzyl ligands,
which most likely arises from packing in the solid state as they are believed to be freely rotating in solution.
Instead, the lack of a large chemical shift between the 19F signals in these two oxidation states suggests
that the benzyl capping ligands experience minimal electron-density and that the odd electron in [DDBF72]- is primarily localized on the core of the borane clusters (See DFT results). The capping ligands
effectively screen the core and prevent donor- acceptor overlap from occurring. This ultimately leads to
negligible electronic coupling and slow rates of electron self-exchange.

Figure S5. Overlapped solid state structures of [DDB-F72]0 (green) and [DDB-F72]− (red) obtained
from single crystal X-ray diffraction studies. Left and middle figures highlight the minor structural
rearrangement in the core upon a one electron reduction while the right side highlights the
capping ligands. Capping benzyl ligands have been omitted for clarity in the left and middle figures
while hydrogen and fluorine atoms have been omitted for the right figure.
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Cyclic Voltammetry
In order to characterize the offset between the HOMO of the polymer and the LUMO the dopants,
we performed side-by-side cyclic voltammetry on F4TCNQ and DDB-F72. The 2-/1- transition occurs at
−0.48 V for F4TCNQ and −0.07 V for DDB-F72, while the 1-/0 transition occurs at +0.16 V for F4TCNQ and
+0.67 V for DDB-F72. All potentials are referenced to an internal ferrocene standard. The redox potential
of DDB-F72 is therefore ∼0.5 V higher than F4TCNQ giving it a much higher energetic driving force for
doping.

Figure S6. Cyclic voltammogram of F4TCNQ (red) and DDB-F72 (blue) demonstrating
two reversible single-electron oxidation/reductions.

Conductivity Data
Devices were fabricated as described in the main text on 1.5 cm × 1.5 cm glass substrates with
silver paste applied as electrical contacts. The Van der Pauw technique41 was used to measure
conductivity, a type of four-point probe method in which current is flowed from negative to positive along
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one edge of the sample and the voltage is measured across the opposite edge. The sample is then rotated
90◦, and the measurement is repeated. The resistance values obtained from the slope of the I − V curves
are fit to the Van der Pauw equation to obtain the sheet resistance (RD). The thickness (t) of the samples
was obtained in three locations using a Dektak 150 stylus profilometer. The reported values for RD and t
in Table 1 and Table 2 are averaged over all measured values for all samples while the reported
conductivities (σ) are averaged over the values obtained for each sample (i.e., the average RD and t for
each sample were used to calculate the conductivity of that sample, and the obtained conductivities were
averaged over the samples to yield the values reported.) The ideal conductivities (σid) were calculated
using the initial polymer thickness of 120 nm. In each case, the reported error is the standard deviation of
the measurements. The calculation of idealized conductivity makes a bigger difference for the DDB-F72
samples due to the large thickness increase due to incorporation of the dopant, which does not conduct
as shown by the self-exchange experiments and the p-type conductivity found using AC hall
measurements.
Table S1. F4TCNQ Conductivity Measurements
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Table S2. DDB-F72 Conductivity Measurements

Although the conductivity values we report do not represent an all-time record, to the best of our
knowledge, the 12.7 S/cm we report is the highest achieved for solution doping of a film of commerciallyavailable P3HT. It is important to note that all of the highest conductivities reported for F 4TCNQ-doped
P3HT in the literature were achieved for films where the order was carefully preserved (e.g., by vapor
doping, by using 100% regioregular P3HT, keeping the films very thin (≤25 nm) to enhance their
crystallinity/crystalline domain orientation, or by casting the polymer onto a rub-aligned substrate). Table
3 below shows some of these leading conductivity values for F4TCNQ-doped P3HT from the literature.
Given that our DDB-F72-doped films are ∼300-nm thick and have almost no crystallinity, the conductivities
and mobilities we achieve are completely unprecedented, demonstrating the importance of anion
interactions on the conductivity.
Table S3. Conductivity values for F4TCNQ-doped P3HT from literature.
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Stability measurements on doped films
In order to assess the stability of our doped films we measured the conductivity of P3HT films
doped with both DDB-F72 and F4TCNQ as a function of time in both an inert environment (argon glovebox)
and in air. Figure 7 shows that the doped films are quite stable under inert atmosphere for 24 hours (panel
a), but show signs of degradation over the same time period in air (panel b), with a reduction in
conductivity of about 25% for the DDB-F72 doped film and about 50% for the F4TCNQ doped film.
Interestingly, the DDB-F72-doped film only decreases from its initial conductivity after 6 hours of air
exposure, whereas the conductivity of the F4TCNQ-doped sample decreases from the beginning of the
measurement. Thus, the stability of DDB-F72-doped P3HT films is comparable to but slightly better than
that of F 4TCNQ-doped P3HT films.

Figure S7. Conductivity over time of DDB-F72 (blue) and F4TCNQ (red) doped P3HT films in the
glovebox under inert argon atmosphere (a) and under ambient atmosphere in air (b) as a function of
time after film fabrication as measured by 4-point probe.
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To see how robust the stability of the DDB-F72 films are under inert atmosphere, the con- ductivity
of three samples were also measured on a daily basis. Over a period of 5 days, the conductivity stayed
constant within an error of 2 standard deviations. These results suggest that the DDB-F72-doped films
would be stable essentially indefinitely if packaged appropriately.

Figure S8. Conductivity of DDB-F72-doped P3HT film samples measured over 5 days via the Van der
Pauw method. The samples were briefly exposed to air for each measurement and then returned for
storage under inert atmosphere. The error bars are the standard deviation of measurements on
three separate samples.

Optical and SEM images of the Doped Film’s Surface
Given the large film thickness increase observed following doping P3HT with DDB-F72, we took
optical and SEM images of the surface of the films to examine the possibility of formation of an overlayer
of boron clusters. Figure 9 shows images of the clusters at 5× (a) and 50× (b,c) showing the appearance of
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a few particles on the surface of the film. The particles light up under polarized light in (c) indicating that
they are likely crystalline in nature; we conclude that these must be small crystallites of boron clusters on
top of the film. The particles are sparsely distributed, which indicates that there is not an overlayer of
boron cluster crystallites on top of the film.

Figure S9. Optical images of 1mM DDB-F72 doped P3HT at 5x (a) and 50x (b) magnification as well as
at 50x magnification under polarizers (c).

Figure 10 shows SEM images of a 1 mM DDB-F72 doped film of P3HT. The images show a clear
pattern of sharp cracks, which are likely due to the expansion and contraction of the film upon swelling
and deswelling during the solution sequential doping process. We believe that during SqP doping, the
peak thickness of the film is greater than the final 300-nm thickness, so that as the solvent evaporates and
the film shrinks to its final (albeit still highly swollen size), the strain from drying opens these sharp cracklike features. The sharp features are not what one would expect if the DDB-F72 clusters were immiscible
with the P3HT and formed a dewetting layer on top, as a dewetting layer would have smooth interfaces
to minimize the surface tension between the immiscible phases. Thus, the optical and SEM images both
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confirm the conclusion from the XPS data in the main text that SqP mixes the DDB-F72 clusters throughout
the P3HT underlayer.

Figure S10. SEM images of a P3HT film that has been doped with 1 mM DDB-F72 at low to high
magnification (a-c).

XPS
Table 4 shows all of the peak fit information for pure DDB-F72, DDB-F72 [1-], a 1 mM DDB-F72 doped
P3HT film on sapphire substrate and the front and back of a 1 mM DDB-F72 doped P3HT as well as an
undoped P3HT films obtained via the floating procedure described in the methods section. Figure 11
shows the data and peak fits for each of the doped films. Floating the films off the substrate allowed us
to obtain information about the cluster content at both the top (front) and bottom (back) surfaces of the
films. The sulfur signal comes only from P3HT whereas the B and F signals come only from DDB-F72.
Integrated peak areas were used to calculate the B:S and F:S ratios reported in the main text. The drop in
relative B:S and F:S peak intensity ratios for the doped film on sapphire compared to the floated films
indicates that some clusters gets washed off during the floating process, but this does not prohibit us from
obtaining relative information about the cluster content at the top and bottom surfaces. As discussed in
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the main text, the B:S and F:S ratios are roughly similar at the top and bottom of the film (and if anything,
slightly higher at the bottom of the film), indicating that the clusters do indeed penetrate throughout the
polymer film. To ensure that cluster was not somehow being added to the films during the floating
process, we floated a pure P3HT film in the same wash used for the doped film. As shown by the peak fit
information in Table 4, no boron, fluorine or sulfur peaks were found, indicating that the floating process
indeed cannot add clusters to the films. Finally, based on the boron peak positions, the doped films
contain only the DDB-F72 anion, indicating that the cluster effectively dopes the film and no neutral
clusters are in the film or form an excess overlayer on top of the film.
Table 4. XPS fits
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Figure S11. PS data and S, SO, B, and F peak fits for DDB-F72 doped P3HT (bottom), floated back of
DDB-F72 doped P3HT film (middle), and floated front of DDB-F72 doped P3HT (top).

GIWAXS
The full integration of the diffractogram for a drop-cast film of pure DDB-F72 out of DCM is shown in Figure
12. The diffractogram displays sharp peaks with no broadening, as is typically seen for small crystallites.
The dopant induced peaks indicated by (*) in Figure 2 of the main text therefore must involve the polymer
as they have the same broadening and texture as the polymer peaks.
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Figure S12. Full integration of GIWAXS diffractogram for pure DDB-F72 showing sharp crystallite
peaks.

Figure 13 shows the full 2D-GIWAXS diffractograms for pure P3HT and P3HT doped with different
concentrations of DDB-F72. The out-of-plane and in-plane integrations are shown in the main text and the
peak fit information for the out-of-plane (100) and in-plane (010) are shown in Table 5 and Table 6,
respectively. No peak fit information is reported for the in-plane (010) 1 mM DDB-F72 doped sample due
to high amounts of amorphous π-scattering making definition of this peak difficult.
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Figure S13. Full 2D-GIWAXS diffractograms for pure undoped P3HT (a), P3HT doped with 0.05 mM
(b), 0.3 mM (c), and 1 mM DDB-F72 (d).

Table 5. Out-of-Plane (100) Peak Fit Information

Table 6. In-Plane (010) Peak Fit Information
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Spectroscopic Characterization
Figure 14 shows the absorption spectra for films of pure and doped P3HT with different
concentrations of DDB-F72 in DCM. The inset shows the standard energy band diagram for the formation
of polarons. In the doped films, we see spectroscopic signatures of the P1, P2, and P3 transitions and a
bleach of the neutral polymer absorption. The absorption in the 2.3-eV region contains contributions from
the neutral (dashed yellow curve) and anionic (dashed pink curve) forms of DDB-F72 as well as any residual
undoped P3HT (black curve), making it difficult to deconvolute the individual contributions of each
component in the doped films. The intensity of the polaron bands increase monotonically up to 1 mM,
but at the 3 mM concentration, there is a slight decrease in optical density for these transitions. This
indicates that less cluster is infiltrating into the film despite the higher dopant concentration. We suspect,
given the colloidal nature of the 3-mM DDB-F72 solution, that there may actually be fewer free solubilized
clusters in solution due to an equilibrium with clusters of DDB-F72 clusters. Additionally, the morphology
of the 3-mM doped film is likely worse due to the colloidal nature of the solution, resulting in the observed
slight drop in conductivity.
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Figure S14. Combined FTIR and UV-vis-NIR absorption data for pure P3HT (black curve), P3HT doped
with different molar concentrations of DDB-F72 (colored solid curves), and neutral (yellow dashed
curve) and reduced (pink dashed curve) DDB-F72 cluster in DCM.

Transport Mechanisms from temperature-dependent behavior of the conductivity
The dominant charge transport mechanisms can be determined from the temperature
dependence of the conductivity.66-69 We looked at the conductivity of our 1 mM DDB-F72-doped P3HT films
over a 50 K to 300 K temperature range. Figure 15 shows the conductivity plotted against the temperature
raised to various fractional powers, allowing us to visualize agreement with the power laws as straight
lines. At low temperatures, the T1/2 plot yields a straight line, indicating the temperature dependence of
the low temperature region can be described by the Efros Shklovskii Variable Range Hopping (VRH)
model,66 which means that Coulomb interactions still dominate. At higher temperature, the charge
transport mechanism transitions over to a traditional Mott VRH model 67 with a T1/4 temperature
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dependence, which disregards Coulomb interactions and suggests more diffusive transport. A more
analytical approach to extract transport mechanisms is to perform logarithmic differentiation to linearize
the temperature-dependent conductivity,67,68 as shown in Figure 16. By fitting the different slopes, we
again find Efros Shklovskii VRH at low temperatures and Mott VRH at high temperatures. As we approach
room temperature there is a drastic decrease in the T-dependence of the conductivity, indicating a regime
that deviates from hopping-dominated transport and is approaching a diffusive mechanism of charge
transport. This is very similar to behavior we observed in a previous study that compared P3HT of different
crystallinity doped with F4TCNQ.15 Only in the most crystalline 100% regioregular samples was the T1/4
temperature dependence observed over the same temperature range. By contrast, we know from our
GIWAXS measurements that the crystallinity of the DDB-F72 doped P3HT is very low, exposing the
importance of counterion shielding for better charge transport. In the F4TCNQ samples, due to the
proximity of the counterion, the only way to achieve diffusive transport is through the P3HT crystallites.

53

Figure S15. Conductivity of 1 mM DDB-F72 doped P3HT as a function of temperature, plotted as a
function of inverse temperature raised to various powers that correspond to different transport
models.
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Figure S16. Logarithmic derivative of the resistivity (W = dln(ρ)/dln(T )) vs. ln(T ). The dashed lines are
linear fits with the corresponding slopes given in the legend.

AC-Hall Measurements
The carrier concentrations we report were obtained through AC Hall measurements using the
traditional Hall coefficient equations, which assume band-like transport. However, as we have just shown
in the previous section, band-like transport is only beginning to occur at room temperature and carrier
transport in our films still likely consists of both band-like and hopping-type mechanisms. As Podzorov
and coworkers have shown53 and noted in the main text, Hall effect measurements in organic
semiconductors likely result in an overestimate of the carrier density due to different behavior of these
carriers. Although any band-like carriers will experience both the Lorentz and electric forces, the hopping
carriers only respond to the electric forces, resulting in carriers being moved to opposite sides of the
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channel and thus a reduced hall voltage, which is inversely proportional to the reported carrier density.
The reported mobilities are calculated from both an independent measurement of the sample
conductivity as well as the Hall voltage, this time in a direct proportionality, thus resulting in an
underestimate of the mobility. We therefore note that the mobilities we report are likely underestimated,
with correspondingly overestimated carrier densities, but this is true for both the F 4TCNQ- and DDB-F72doped P3HT samples that we use comparison.
Calculation of Dopant Density Based on Mass Measurements
One simple method to obtain an estimate of the doping efficiency (the number of free carriers
produced over the dopant molecules) is to combine our AC-Hall measurements with an estimate of the
dopant density by measuring the change in mass after doping. Using the measured mass increase and film
volume (1.5 cm × 1.5 cm × 300 nm for DDB-F72 and 1.5 cm × 1.5 cm x 145 nm for F4TCNQ), the density of
dopant molecules in the film can be approximated. For these measurements, precisely cut ITO was used
as the substrate for its uniformity in size and the samples were weighed on an analytical microbalance.
The samples were placed under rough-pump vacuum before the measurements were taken to remove
any residual solvent. A set of 6 repeats were measured for each dopant and the results are shown in
Tables 7 and 8.
For DDB-F72, the average dopant density is 6.9×1020 cm−3 with a standard deviation (σ) of 0.6×1020
cm−3. Therefore, the carrier density we obtain via our AC Hall measurements (7.9×10 20 cm−3) lies well
within the 95% confidence limits (2σ) of this data (5.7 to 8.1×1020 cm−3), as discussed in the main text. This
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means that we have about as many carriers as we do dopants and a doping efficiency of ∼100%,
supporting the notion that the majority of carriers in DDB-F72 doped films are free due to the reduced
Coulomb interaction between the shielded anion and the polaron. Finally, the fact that the carriers
measured via the AC Hall effect fall at the upper limit of this range is likely due to the tendency of Hall
measurements to overestimate the number of free carriers due to screening effects, as discussed above.
For F4TCNQ, the average dopant density is 4.8(9)×1021 cm−3 while the carrier density found via ACHall is 4.3×1020 cm−3, yielding a doping efficiency of ∼10%, an order of magnitude lower than for DDB-F72.
It should be noted that the 10% value we measure is slightly higher than the 5% value determined in
careful previous work by Pingel and Neher.17 The reasons for this could be two-fold. One is that we are in
a much higher doping regime than the previous work and therefore have started to saturate traps and
thus have increased the proportion of free carriers. The other is that, as mentioned in the main text, the
AC Hall effect has the potential to overestimate the free carrier density due to screening of the applied
magnetic field by the low-mobility carriers, so that the ratio of free carriers to dopants could be slightly
lower than what we report.
Table 7. Mass measurements of 6 films before and after doping and carrier density of DDB-F72-doped
P3HT films based on the measured mass and a film volume of 1.5 cm × 1.5 cm × 300 nm
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Table 8. Mass measurements of 6 films before and after doping and carrier density of F4TCNQ-doped
P3HT films based on the measured mass and a film volume of 1.5 cm × 1.5 cm × 300 nm
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Chapter 3 Tunable dopants with intrinsic counterion separation reveal the effects of electron affinity
on dopant intercalation and free carrier production in sequentially doped conjugated polymer films
3.1 Introduction
Modern electronics rely heavily on semiconductor technology for everything from transistors and
light-emitting diodes (LEDs) to renewable-power-generating photovoltaic and thermoelectric devices.1
One of the key properties of semiconductors is that they can be doped to improve conductivity or adjust
interfacial band alignment via tuning of the Fermi level. 2 Conjugated polymers have emerged as potential
alternatives to inorganic semiconductors that have the advantages of being low-cost, lightweight, solution
processable, earth-abundant and compatible with flexible substrates.3,4 Despite these promising benefits,
implementation of semiconducting polymer materials in practical technologies has lagged mainly because
their intrinsic electrical properties are inferior to their inorganic counterparts.
Unlike inorganic semiconductors, where the packing structure is largely unaffected by
substitutional or interstitial dopant atoms, doping of conjugated polymers causes significant disruption to
the polymer morphology. Moreover, the relatively low dielectric constant of conjugated polymers
typically results in strong Coulomb binding of the charge carriers with the counterions that balance the
charge, so that the doped charge carriers can be strongly localized due to strong Coulomb interactions.5-9
Understanding the relationship between the chemical nature of the dopant, the way the dopant
counterions interact with the carriers on the doped polymer backbone, and the polymer morphology is
crucial for developing high-performance polymer-based electronics.
Multiple methods for doping polymer thin films exist, including electrical gate doping and
electrochemical doping,10-12 but chemical doping is the only method that produces equilibrium carriers via
a ground-state charge transfer process without the application of an external potential. Molecular or
chemical doping of conjugated polymers involves the addition of an electron donor (reducing agent) or
an electron acceptor (oxidizing agent) for n- or p-type doping, respectively.13 Due to electron trapping, p66

type doping of conjugated polymers is the most common,14,15 in which a high electron affinity (EA)
oxidizing agent removes electrons from the polymer’s highest occupied molecular orbital (HOMO),
producing conductive holes.
The traditional approach for chemical doping of conjugated polymers is to simply mix the polymer
and dopant in solution and then directly cast a doped film. Unfortunately, the resulting doped material is
highly insoluble, so the charged species that form upon doping crash out of solution. This leads to poor
film quality and thus limits the types of measurements and applications possible with doped films.16,17 To
overcome film quality issues at high doping levels, new processing methods have applied the dopant to a
pre-cast film of the undoped semiconducting polymer. Such methods include vapor-phase deposition18-24
or solution-phase infiltration via a second spin-coating step in which a semi-orthogonal solvent that swells
but does not dissolve the polymer is used.5-7,16,17,21-27 These sequential processing (SqP) methods enable
preservation of the original undoped polymer film morphology and allow for conductivity measurements
on cm length scales as well as for AC-Hall effect measurements28,29 that provide a way to determine the
doped carrier concentration and mobility in these materials. 6,16,30-32
A dominant idea in the literature has been that highly crystalline polymer films are necessary to
achieve good charge transport properties, with many molecular doping papers focusing on improving
polymer solid state order.5,16,20-24,31 In previous work, we showed that we could use solution SqP to control
the crystallinity of doped conjugated polymer films.5 For the widely used poly(3-hexylthiophene-2,5-diyl)
(P3HT) and 2,3,5,6-tetrafluoro-7,7,8,8-tetracyanoquinodimethane (F4TCNQ) materials combination, we
indeed found higher carrier mobilities in more crystalline films. More recently, however, we employed a
substituted icosahedral dodecaborane (DDB) cluster as a novel dopant and obtained high carrier
mobilities for P3HT (≥ 0.1 cm^2/Vs) in doped films that were very poorly crystalline. 6 This shows that
crystallinity is not necessary for good charge transport, as has also been argued elsewhere.33,34
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The key reason that the DDB dopants can produce mobile charge carriers without crystalline order
is because DDB clusters tend to stabilize electron density on their central core. 6,35,36 This means that for
our bulky ∼2-nm diameter DDB dopant, the negative charge of the counterion effectively lies at least ∼1
nm fro any carrier, so that Coulomb binding of the carrier and counterion is significantly reduced,
regardless of how crystalline the polymer is. Moreover, we found that the doping efficiency (number of
free carriers produced per dopant molecule) for our DDB-doped P3HT films was close to 100%.[6] This
stands in sharp contrast to the doping efficiency of F4TCNQ-doped P3HT, which is only 5-10%.37,38
Given that crystallinity is not required, why does it appear to be necessary for good carrier
mobility in conjugated polymers doped with molecular dopants such as F4TCNQ? In general, polymers are
semi-crystalline materials and with two characteristic crystalline features: a lamellar spacing, determined
by the length of the side chains, and a π-stacking distance. There is a great deal of structural work showing
that F4TCNQ, the most commonly used doping agent, as well as other dopants, tend to infiltrate into the
polymer lamellae.5,21,25-27,30,39-44 For F4TCNQ-doped P3HT, the counterions in the lamellae sit at a distance
of 6-8 Å from the polymer backbone.5,22,23,25 Once the crystallites are filled, any additional dopant occupies
the amorphous regions of the film, where the counterion can get significantly closer to the carriers on the
polymer backbone,5 resulting in an increase in the number of Coulombically-trapped carriers at higher
doping concentrations.45 Thus, the key reason that high crystallinity is important for good conductivity
with small-molecule dopants like F4TCNQ is that crystallinity helps reduce Coulombic interactions by
keeping the dopant counterions farther from the polymer backbone where the polaron resides. 6
Despite this progress in our understanding of molecular doping, one question that has not been
sufficiently addressed is the effect of dopant redox potential on the production of carriers. Doping
efficiency is expected to increase with the energetic offset between the polymer HOMO and dopant
LUMO.2,46,47 Yet, to date, few papers have been able to pin down exactly how the electronic offset affects
doping efficiency largely because of the problems inherent in disentangling structural from electronic
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effects. In previous studies, either only slight tuning of the dopant oxidation potential was possible (while
maintaining an energetic offset large enough to dope)21,48,49 or significant structural changes of the dopant
were necessary to more dramatically tune the oxidation potential,6,46,49,50 which in turn changes the
Coulomb interaction between the counterion and doped carriers. In other studies, quantification of the
charge carrier properties (mobility and carrier density) was not carried out or was the main focus of the
study.50,51
In this paper, we address the effect of electronic offset on doping efficiency by employing a series
of DDB dopants for which the redox potential is tuned over nearly 1 V without changing the overall size
or shape of the dopant and thus without changing the Coulomb interaction between the carriers and the
counterions. We find that not only is the redox potential of the dopant critical for the production of free
carriers, it also is necessary to drive the dopant into the film and into the polymer crystallites. We show
that there is a simple way to estimate carrier mobility from the measured IR spectrum of doped P3HT and
that the mobilities of the carriers created by different DDB dopants are similar. Moreover, just like what
has been found for other small-molecule5,20,21,25-27,30,39,41-44 and some larger dopants,40 the ∼2-nm diameter
DDBs prefer to reside in the lamellar region of P3HT crystallites. The fact that many dopants intercalate in
the polymer crystallite lamellae explains why partial charge-transfer complexes, which commonly occur
in charge-transfer salts where there is direct contact between the donor and acceptor, are relatively rare
in polymeric systems: in polymeric systems, dopants preferentially reside in the lamellar regions where
they are not close enough to the polymer backbone to form partial-charge transfer complexes. Overall,
our work shows that with careful control of the dopant size, shape and redox potential, the doping
efficiency and carrier mobility can be readily understood.
3.2 Results & Discussion
The main reason that it has been difficult to study how the energetic offset between the polymer
HOMO and dopant LUMO affects doping efficiency and carrier mobility is that changing the dopant redox
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potential has required modifying the dopant’s molecular structure, which in turn changes the Coulomb
interaction between the polarons and the dopant counterions. In this work, we take advantage of DDB
clusters that have similar size and shape and whose redox potentials can be controllably tuned via their
substituents.36,52,53 The clusters have an icosahedral dodecaborane core with a substituent on each boron
atom in the form B12OCH2R12, where R is a functionalized aryl group (see Figures Figure 3.1a for core
structure and Figure 3.1c for R-group substituents). The redox potential of the cluster varies roughly
linearly with the Hammett parameter of the chosen R-group,54 providing a straightforward way to produce
clusters with any desired redox potential, as shown in Figure Figure 3.1b; see the SI for more details of
how the redox potentials were measured. We refer to the different DDB clusters based on the structures
of their substituents (Bn for unfunctionalized benzyl, p-F for para-fluoro, p-Br for para-bromo and F36 and
F72, where the latter two compounds are simply named after the total number of fluorines on the DDB
molecules).
Optical and Electrical Properties of DDB-Doped P3HT Films
We focus our work on doping the semiconducting polymer P3HT, whose chemical structure is
shown in Figure Figure 3.1a, since it is a workhorse material for the study of chemical doping of conjugated
polymers and there is a vast literature to which we can compare. We fabricated doped films via solution
SqP using equimolar dopant solutions, as described in more detail in the SI; we showed in our previous
work that despite the large size of the DDB-F72 dopant, solution SqP allows it to intercalate throughout
the depth of a pre-cast P3HT film.6
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Figure 3.1 a) Chemical structures of the P3HT polymer and DDB dopants, which have an icosahedral
B12 core and each vertex functionalized with the R-groups shown in (c). The energy diagram depicts
the relative offsets between the P3HT HOMO and dopant LUMOs. CV measurements of the DDB
dopants and F4TCNQ, performed under identical conditions, are shown in Figure S1 of the SI. The
diagram is drawn to scale based on literature values of the P3HT HOMO(-5 eV vs vacuum) and
F4TCNQ LUMO (-5.2 eV vs vacuum); see SI section SS2 for details. b) Measured E1/2for DDB dopants
plotted against their Hammett constant showing tunability of the DDB dopant redox potential based
on the substituents’ electron donating/withdrawing ability. c) UV-VIS-IR spectra of 120-nm thick
films of P3HT doped with 1 mM DDB via SqP, showing an increase in signature polaron peak
intensities (P1 near 0.3 eV, P2 near 1.3 eV and P3/P3′near 1.6 eV) and a bleach of the P3HT
bandgap transition near 2.4 eV. The DDB anions also absorb in the∼2.4 eV region, explaining why
the apparent bleach of the P3HT absorption is less than observed with other dopants whose anion
absorption lies in other regions of the spectrum.
As a first test of the effect of redox potential on doping, we measured the absorption spectra of
P3HT films doped with each of the DDB clusters whose structures are shown in Figure 3.1. Figure 3.1c
shows the absorption spectra of films sequentially doped with 1 mM solutions of each DDB cluster; the
spectra for films doped with 0.3 mM solutions are shown in Figure S2 in the SI. With the exception of the
DDB-Bn cluster, which has the lowest redox potential and thus is apparently unable to dope P3HT, we see
that as the films are doped, the peak at 2.4 eV from the excitonic absorption of P3HT decreases, and three
new absorption peaks, labelled P1, P2 and P3 in increasing order of their energy, appear near 0.3, 1.3 and
1.6 eV. These new peaks are the classic signature of the appearance of polarons. 45,55-58 Since the P1
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absorption does not overlap with either the neutral polymer or dopant anion absorptions, it provides a
reasonable proxy for the number of doped carriers (although we note that the P1 absorption magnitude
is not cleanly linear with carrier concentration because both the polaron spectrum and cross-section
change with the degree of Coulomb trapping).5,8,9,59 Thus, Figure 3.1 shows that the number of carriers
created increases in roughly direct proportion to the redox potential of the dopant at constant dopant
size.
As we will discuss in more detail in Section 2.4 below, as the doping concentration is increased,
the P1 absorption band near 0.3 eV grows a noticeable blue shoulder. This change in shape of the P1 band
indicates that there are multiple types of polarons with different degrees of Coulomb binding to their
counterions. It is now well established that the position and shape of the P1 absorption band reflects the
degree of delocalization of the polarons, with redder absorption corresponding to more
delocalization/less Coulomb binding and vice-versa for bluer P1 absorption.5-9,26,59-61 In previous work, we
used ultrafast spectroscopy to show that for P3HT doped with F4TCNQ, the growth of the blue shoulder
at higher doping concentrations was indicative of a population of trapped carriers that appears only after
the polymer crystallites are full.45 We will argue below that this picture also holds true for the DDB
dopants, and that dopants in conjugated polymers preferentially occupy the lamellar regions of their
crystallites, when possible. Flat, small-molecule dopants like F4TCNQ can also π-stack with the polymer
backbone,62-65but this only occurs under specialized circumstances such as carefully selected processing
conditions that inhibit crystallization62–64 or employing polymers with side chains to prevent the dopant
from sitting in the lamellae and forcing it into the π-stacks.65 Together, all of these studies suggest that πstacking of the dopant and polymer is not the equilibrium structure.
We also measured the electrical conductivity of the films whose absorption spectra are shown in
Figure 3.1. For these measurements, we placed electrodes at the corners of a 1.5 cm × 1.5 cm square on
the samples and determined the conductivity using the Van der Pauw method, which is a type of four-
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point-probe measurement.66 The measured conductivities at multiple doping concentrations are given in
Table S1. We see that all the DDB clusters show higher conductivity at higher doping concentrations, and
in concordance with the optical spectroscopy, we also see higher conductivities for clusters with higher
redox potentials. For the 1 mM doped films, the conductivities are: DDB-Bn 0 S/cm, DDB-p-F 0.2 S/cm,
DDB-p-Br 0.4 S/cm, DDB-F36 2.3 S/cm, and DDB-F72 12.9 S/cm. Curiously, we find that the film thickness
also increases with increasing redox potential of the dopant, indicating that there may be more dopant in
the film at higher redox potentials; this suggests that dopant infiltration is also driven by the dopant’s
redox potential.
Vertical Structure of DDB-Doped P3HT Films
Because our DDB dopants have chemically different outer surfaces, one concern is whether the
amount of cluster infiltration and thus doping could be affected by these chemical differences, particularly
for the highly fluorinated dopants. Indeed, there are several reports of limited vertical intercalation of
large dopants into films of conjugated polymers. 40,67 Moreover, there is not a clear mechanism to describe
how dopants diffuse through conjugated polymer films,46,68,69 although we previously have shown that
DDB-F72 does intercalate throughout P3HT films during solution sequential processing, which relies on
swelling of the polymer underlayer by a semi-orthogonal solvent.6 Thus, we employed neutron
reflectometry (NR), which is a non-destructive technique, to measure the vertical distribution of our DDB
dopants within the doped polymer films. The contrast between materials for NR must come from
differences in their scattering length density (SLD), which is calculated from the total scattering lengths of
each of the atoms in the molecular volume. The calculated SLDs for the different molecules used in this
study are summarized in Table 3.1, which shows that there is adequate NR contrast between the DDBdopants and P3HT, even without deuteration, as the DDB dopants have a smaller H-to-heavy-atom ratio
and thus a higher SLD than P3HT. This SLD contrast between DDB dopants and P3HT enables NR to resolve
the dopant distribution within the polymer matrix.
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Figure 3.2 a) Raw neutron reflectivity (NR) data for pure P3HT and P3HT doped with the different DDBs
via SqP (symbols) and model fits to the data (darkened curves). b) SLD depth profiles obtained from
fitting the data in (a) showing the SiOx substrate layer at 0 A
̊ followed by the active layer before
reaching the air interface. The SLD Profiles show that the film thickness increases with dopant redox
potential and that there is nearly uniform DDB dopant infiltration throughout the film. c) XPSdetermined fluorine-to-sulfur (*or bromine-to-sulfur for DDB-Br) ratios at the top and bottom surfaces
of the DDB-doped P3HT films. The values are similar for both the top and bottom, supporting the
conclusion from NR that the DDB clusters penetrate throughout the film. Sample fits to the XPS data
(black) are shown in (d) for the F 1s peak(yellow) and in (e) for the S 2p peaks (green - neutral S, blue
- oxidized S, and pink - full S fit) for the top surface of a DDB-F36-doped P3HT film (black)

The experimental neutron reflectivity patterns for 0.3 mM-DDB-doped P3HT films are shown in
Figure 3.2a; this doping level was chosen as a balance between having a doping level high enough to have
significant electrical conductivity while maintaining a low surface roughness (which increases with
increased doping concentration). The data are fit using a layered model in which the thickness, SLD, and
roughness of the layers are systematically varied (details in SI) and optimized until the sum of the χ^2values for all the points on the curve is minimized. The best-fit SLD values as a function of distance from
the substrate (defined as zero ) are shown in Figure 3.2b. As expected, the undoped P3HT film fits to two
layers: substrate and a pure polymer layer with an SLD of 0.5 × 10^(-6)/Å ^2. This SLD value is in good
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agreement with previously measured values for P3HT.70-72 The gradual decrease in SLD at the top surface
is due to the surface roughness at the film/air interface.
Table 3.1 Summary of calculated neutron SLDs of pure materials and model SLD results of pureP3HT
and DDB-doped P3HT films. The calculated DDB:P3HT monomer ratios extracted from the measured
SLDs show increasing dopant loading with higher-redox-potential DDBs.

For P3HT films exposed to DDB-Bn, which does not dope the polymer, the data show that there
is only a slight change in the active layer SLD, indicating that there is little, if any, infiltration of this
molecule into the P3HT film. As the redox potential of the DDB dopants increases, however, the measured
SLD of the doped active layer also increases, with values summarized in Table 3.1. Because the active layer
SLD is simply a weighted average of the pure SLDs of P3HT and each dopant, we can use these values to
determine the P3HT monomer to DDB dopant ratio for each of our doped films; see the SI for details. The
calculations show clearly that increasing the dopant redox potential leads to an increase in
dopant:monomer ratio in the active layer, as also summarized in Table 3.1. The increasing
dopant:monomer ratio, and subsequent film thickness increase as more dopants are incorporated into
the P3HT matrix, suggests that the charge transfer reaction that occurs upon the introduction of a redoxactive dopant into the polymer films is what drives intercalation. The non-doping cluster DDB-Bn provides
an excellent control for this hypothesis as it infiltrates three times less than the next-lowest redox
potential dopant (DDB-p-F) and approximately an order of magnitude less than the other DDBs.
The neutron reflectometry data also demonstrate that within the active layer of the doped
polymer film, the dopant is uniformly distributed in the direction normal to the plane of the film. The only
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(partial) exception to this is DDB-F72, for which there is a small layer with a higher dopant concentration
at the substrate interface at the bottom of the film. To verify the uniformity of the DDB clusters
throughout the film (and the slight excess of DDB-F72 at the bottom of the film), we also performed a
series of X-ray photoelectron spectroscopy (XPS) experiments, shown in Figure 3.2c-e. Although XPS
cannot accurately depth-profile in the same manner as NR, it can be used to measure the relative
concentration of dopant at the film surfaces. We used a delamination technique, described in our previous
work,6 to access the bottom interface of each film. We determine the relative dopant concentration at
each interface by comparing the measured ratio of atomic sulfur to atomic fluorine (or bromine in the
case of DDB-p-Br) since sulfur is unique to the P3HT polymer and fluorine (or bromine) is unique to the
DDB dopants. The results show that the sulfur-to-fluorine (or bromine) ratios are similar for both the top
and bottom of the DDB-p-F-, DDB-p-Br-, and DDB-F36-doped film (Figure 3.2 c) suggesting uniform
infiltration. The data also show that DDB-F72 indeed has a higher dopant concentration at the bottom of
the film, all in excellent agreement with the SLD profiles in Figure 3.2b.
Local Structure of DDB-Doped P3HT Films
Although NR and XPS provide insight into the vertical distribution of dopants throughout the film
and reveal redox-driven infiltration, they do not provide any information about the local environment of
the DDB dopants within the P3HT films. For a wide variety of dopants including F 4TCNQ, FeCl3, and
polyoxometalates, among others, the counter anion resides in the lamellar region of the polymer
crystallites, causing an expansion of the lattice in this direction.5,21,25,26,27,30,39-44 It has been shown that this
intercalation can also cause a reorientation of the crystalline unit cell, leading to a decrease in the
observed π-stacking distance upon doping.25-27
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Figure 3.3 a) Full integration and out-of-plane (inset) integration of the 2-D grazing-incidence wideangle X-ray scattering (GIWAXS) of P3HT doped with DDB-F36. This was chosen as representative DDB
doping data that demonstrates the phase change from the original undoped P3HT phase, labelled
(h00), to the lamellar-expanded doped structure, labelled (h00)′. b) Full integration and out-of-plane
(inset) of the 2-D GIWAS for P3HT doped with various DDB dopants by solution SqP at 1 mM
concentration, showing the direct relationship between higher redox potential and an increased
extent of phase transition to the expanded (h00)′structure c) GIWAXS in-plane integration of P3HT
doped with different DDBs by solution SqP at 1 mM showing the increase in the disorderedπ-stacking
region at higher doping concentrations and the slight shift of the undoped (010) peak to higher q as
doping increases.
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To understand the local structural effects of doping P3HT with the large DDB dopants, we
performed a series of 2-D grazing-incidence wide-angle X-ray scattering (GIWAXS) measurements, for
which the diffractograms for all sample conditions are shown in Figure S4 of the SI. Figure 3.3a shows the
progression of changes in the lamellar (h00) out-of-plane structure of the polymer as the doping level is
increased for a representative DDB. The pristine P3HT (100) peak and corresponding overtones appear
at distances representing a lamellar spacing of 16 Å. As the doping level increases, the original lamellar
peaks corresponding to undoped crystalline P3HT decrease and a set of new peaks denoted as (h00)' begin
to appear. At the highest doping level, the undoped P3HT (h00) peaks have entirely disappeared, with
clear new peaks appearing at 0.44, 0.66. 0.88 and 1.10 q. These overtones can be indexed as (200)', (300)',
(400)', and (500)', and correspond to a (100)' distance of 0.22 q or 2.85 nm, indicating a highly expanded
lamellar structure. (The (100)' peak is not fully visible as the beam stop blocks the low-q region where it
would appear). We hypothesize that the new (h00)' peaks correspond to a new phase whose general
structure is shown in Figure 3.4. In this new phase, the DDB dopant has intercalated into the P3HT lattice
in much the same way that F4TCNQ and other small-molecule dopants do. Importantly, while the exact
crystal structure of this new phase is not known, the lamellar spacing is entirely consistent with Figure 3.4
based on the size of the DDB dopants and the P3HT side chains (see the SI for more details).
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Figure 3.4 To-scale representation of the proposed structure in which a DDB dopant has been
incorporated into the expanded lamellar region of a P3HT crystallite. Slight interdigitation of the
polymer and DDB dopant side chains is possible due to empty space in both the polymer and the
dopant crystal structure. The GIWAXS data show clearly that incorporation of the dopant into the
crystal structure results in this highly expanded lamellar region while largely preserving the original
P3HTπ-stacking.

Figure 3.3b demonstrates that all the DDB dopants produce a similar phase change as the doping
level increases. DDB-p-F, which dopes P3HT only slightly, shows the beginning of this phase change,
marked by an increase in scattering intensity at 0.66 q, as shown in the inset of Figure 3.3b. For the higherredox-potential DDB-p-Br, the peaks corresponding to the new doped phase are larger relative to the
intensity of the peaks of the original undoped phase. The trend continues, showing full conversion to the
new phase with the higher-redox-potential DDB-F36. DDB-F72 undergoes a similar phase change but to a
structure with a slightly larger lamellar d-spacing, as evidenced by new (h00)' peaks at 0.40, 0.60, and 0.80
(corresponding to a (100)' peak of 0.20 q, or lamellar spacing of 31 Å ). All of the results are summarized
in Table 3.2 and Figure S5, which show clearly that the degree of conversion to the new phase depends
directly on both the extent of doping (as evidenced by optical spectroscopy) and also on the dopant redox
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potential. This last conclusion is emphasized by the fact that our NR data in Table 3.1 showed that there
are similar total amounts of DDB-p-Br and DDB-F36 molecules in the film at 0.3 mM doping concentration,
yet there is significantly more conversion to new phase with DDB-F36. This phenomenon occurs because,
in order to induce a phase transition in a solid material, a critical fluctuation is required for nucleation,
which should depend on the doping density. Single doping events cannot induce the required phase
change alone, and in the absence of a phase transition, doping should be limited to only the surface of
any crystalline domains. Thus, DDBs with higher redox potentials should be able to remove more electrons
from the polymer backbone prior to the phase transition, creating a higher probability of driving the
critical fluctuation that allows for nucleation of the transition to the expanded lamellar phase. DDB
clusters driven into the film by the SqP process that do not undergo charge transfer also do not reside in
the polymer lamellae.
Table 3.2 Summary of calculated (100) d-spacing based on GIWAXS-measured overtones for0.3 mM
and 1 mM DDB dopant concentrations. There is a transition between the undoped and doped phases,
with both phases coexisting at some doping levels. The undoped phase corresponds to the original
P3HT lamellar d-spacing

For all the dramatic changes in the out-of-plane lamellar structure of the P3HT films upon doping
with DDBs, the in-plane GIWAXS integrations in Figure S6 show that the (010) π-stacking peak undergoes
only slight changes, indicating that the pristine π-stacking morphology is largely preserved and the unit
cell does not reorient as it does upon doping with F4TCNQ.25 We observe only a slight shift in the (010)
peak location that corresponds to smaller π-stacking distances, which we attribute to the delocalization
of the positive charge carriers across multiple chains. This difference may stem from the fact that that a
change of chain tilt is required for the planar F4TCNQ molecules to fit between the polymer side chains,
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but the nearly spherical DDB clusters can do nothing but push the polymer backbones apart, so chain
reorientation is not energetically required. We further see that DDB doping induces an increase in the
broad peak centered near 1.4 q, which is associated with a disordered π-stacking correlation distance.6,44
The growth of this feature increases for higher doping concentrations and with higher-redox-potential
DDBs, with the most dramatic change observed for DDB-F72. We believe that the increase of the
disordered π-stacking peak reflects a population of DDB anions that integrate into more disordered or
amorphous regions of the doped film. The fact that this peak only appears at high doping concentrations
while the (h00)' peaks begin to appear at very low doping concentrations indicates that the DDB dopants
preferentially reside in the crystalline lamellar regions and only occupy the more disordered regions after
the crystalline regions are filled.45 Further, the much larger increase in the intensity of this region for DDBF72 indicates that only this dopant has a high enough redox potential to effectively dope large amounts of
the higher ionization-energy disordered regions of the film.
Interestingly, for all the DDB dopants, we see coexistence of doped and undoped phases over a
broad range of dopant concentrations. This is not observed with F4TCNQ, where minimal amounts of
dopant appear to induce a phase transition in nearly all regions of the film at once,24 and then F4TCNQ
continues to add to and ‘fill up’ those transformed crystallites. 25 By contrast, with the DDB clusters, the
structural change is so extreme that ‘partially filled’ but expanded crystallites are more energetically
favorable. Indeed, a critical doping level is likely required to induce such a dramatic phase transition in
the first place. As a result, parts of the film dope to a greater extent, while some other parts remain
undoped and in their original crystal structure until sufficiently high doping levels are reached. This type
of two-phase coexistence is commonly seen in reactive intercalation in battery materials. 54,73,74
Degree of Polaron Localization Following Doping of P3HT with DDBs
The intercalated phase we observe from GIWAXS with DDBs in the lamellar regions of P3HT
crystallites places the centers of the DDB clusters 14-15 Å from the polymer backbone, as shown in Figure
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3.4. Since the DDB cluster anions localize electron density on their boron core, Gauss’ law suggests that
the DDB anions should behave effectively as a point charge on the center of the cluster. This means that
the charges on the DDB counteranions in the crystallites are 14-15 Å from the polaron. This physical
separation, which is approximately double the 6-8 Å for F4TCNQ,5 results in minimal Coulomb binding of
the polaron to the anion and thus yields highly delocalized polarons.
As mentioned above, the shape and position of the polaron IR absorption spectrum report directly on
inter- and intrachain polaron coherence as well as distance-dependent counterion Coulomb binding
effects.5-9,26,27,46,59-61 In particular, the more delocalized the polaron, the more red-shifted the main P1
absorption band (0.3-0.6 eV) and the higher the relative intensities of the so-called ‘IRAV’ band near 0.15
eV.5,6,8,9 In previous work from our group investigating the use of DDB-F72 as a dopant, we observed a redshifted P1 absorption and higher IRAV absorption intensity, indicating this anion was positioned to be
greater than 1 nm from the polaron, something that is never seen with small-molecule dopants like
F4TCNQ.6 Indeed, a recent theoretical analysis by Ghosh et al. suggests that the DDB-F72 dopant produces
some of the most delocalized polarons ever observed on chemically-doped P3HT.9
Figure 3.5a explores the concentration dependence of the P1 peak for DDB-F72-doped P3HT, while
Figures S9a-c in the SI show the concentration-dependent results for P3HT doped with the rest of the DDB
series. For all dopants we observe a blue shoulder on the main P1 band growing in at higher dopant
loadings, suggesting that the polarons created at higher doping levels are less delocalized. We observed
a similar trend previously with F4TCNQ and concluded that doping at low concentrations led to
incorporation into the crystalline lamellae. Not until the crystallites were full at higher doping
concentrations did dopants begin to enter to the amorphous polymer regions, where the counterions can
reside close to the polymer backbone.5,45 We believe that this phenomenon – inclusion of dopants in the
crystalline regions first followed by incorporation into the amorphous regions – is general to molecularlydoped conjugated polymers. Indeed, the presence of the blue shoulder on the P1 band at higher doping
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concentrations correlates with the increase in the intensity of the, disordered GIWAXS π-stacking peak
seen near 1.4 q in Figures Figure 3.3c and S6. Both phenomena are much more pronounced for DDB
clusters that have higher redox potentials.
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Figure 3.5 a) Normalized IR absorption of DDB-F72-doped P3HT showing the doping concentration
dependence of the P1 peak location. At higher doping concentrations, we see a similar blue shift of
the P1 peak for P3HT films doped with all of the DDB clusters (see SI Figure S9a-c) indicating that less
mobile polarons are produced as more dopant is infiltrated into the film. b) Normalized FTIR of DDBdoped P3HT at doping-level matched concentration (based on the GIWAXS data in Figure S5) showing
that the carriers produced have essentially identical anion distance and thus mobility. c) AC-Hall
determined free carrier mobility vs. fitted P1 absorption peak center showing a linear relationship;
(see SI Figures S9e for raw data and S10a-c for fits). The F4TCNQ and DDB-F72data were taken from
our previous work in Refs. 5 and 6, respectively.

84

The fact that the higher redox potential clusters have a more blue-shifted P1 spectrum provides
a clue to the origin of the more localized carriers. Unlike F4TCNQ, none of the DDB clusters are capable of
getting close to the polymer backbone, so Coulomb binding, as with proximal F 4TCNQ, is unlikely to be
responsible for the blue shoulder on the P1 absorption band. Furthermore, in our previous work,45 we
found using ultrafast spectroscopy that high doping levels result in dynamics consistent with an increase
in the population of trapped polarons; we did not see evidence of polaron-polaron interactions or
bipolaron formation. Instead, the less mobile carriers are likely to arise from doping-disordered regions
of the polymer film, where polarons are intrinsically localized by kinks or defects in the polymer chain.
The low mobility carriers take more energy to create, so only the DDB clusters with the greatest oxidizing
potential can create such polarons, and only after all of the lower-energy redox sites have already been
used up.
In agreement with this idea, for the highest doping concentration of DDB-F72, we see the most
broadening of the P1 peak, which we attribute to the sample’s general lack of crystallinity, yielding a wider
range of configurations and therefore a wider range of polaron delocalization and coherence. The recent
theoretical modeling of the P1 peak for this sample by Ghosh et al. found that the absorption spectrum
was best described by two distinct counterion separations of ∼18 and ∼8 Å (in a ∼3:1 ratio).9 The ∼18 Å
distance matches well with the 15 Å distance we measure for the DDB in the lamellar spacing. The ∼8 Å
distance is simply too close to represent a physical DDB-P3HT polaron distance given the size of the DDB
cluster, and thus must represent the equivalent loss of mobility associated with creating carriers in the
non-crystalline regions of the film. We note that even with an effective ∼8 Å spacing for the less mobile
carriers at high doping concentrations, DDB-F72 is still able to create more delocalized polarons than with
small molecules such as F4TCNQ simply due to the size and thus Coulomb shielding of the DDB anion.
One issue when comparing the different DDB clusters to each other is that amount of cluster
intercalation varies with redox potential for a given concentration, as mentioned above. Therefore, to
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compare polaron delocalization across the DDB cluster series, we chose concentrations that GIWAXS
indicated are structurally similar, characterized by the appearance of the intercalated phase but without
too much loss of the initial crystallinity. This comparison is shown in Figure 3.5b, which shows that all the
DDB-doped P3HT polarons have nearly identical P1 lineshapes, indicating that all the DDBs are equally
effective at shielding the anion from the polaron. Thus, we are indeed able to tune the electronic offset
of the DDB without affecting the polaron-counterion distance. Since the polaron spectroscopy indicates
that the polarons for these samples are equally delocalized, the higher conductivities we observe with the
higher-redox-potential dopants must result from an increase in the number of free carriers produced, as
we explore in next section.
Doping Efficiency as a Function of Redox Potential at Constant Size
We saw above in our NR experiments that the number of dopants that intercalated into P3HT
films following SqP increased as the redox potential of the dopant increased. This means that it should be
straightforward to determine the doping efficiency, the ratio of the number of free carriers produced to
the number of dopants, as long as we can determine the free carrier density. In previous work,5,6,16we
were able to directly measure the free carrier density using the AC-Hall effect, allowing us to obtain the
carrier mobility from the measured conductivity (since conductivity is σ=neμ where μ is the mobility, n is
the carrier density and e is the elementary charge.) We found that there was a direct correlation between
the position of the main P1 absorption peak, which reports on carrier delocalization, and the carrier
mobility. Here, we make that correlation explicit, using data from our previous work on F4TCNQ as well as
new AC-Hall measurements on DDB-F72 and DDB-F36-doped P3HT films, as summarized in Figure 3.5c. The
strong correlation means that we can use the measured P1 absorption position and electrical conductivity
to provide a decent estimate of the carrier density in all of our DDB-doped films (see Figures S12 and S13
and Table 3 in the SI).
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Table 3.3 Estimated doping efficiency of DDB dopants based on the total dopant density calculated
from the neutron SLD results and carrier mobilities determined either from AC-Hall effect
measurements or calculated from the correlation between P1 peak locations and mobility (Figure 3.5)

To estimate the doping efficiency, we calculated the amount of DDB in the doped films from the
NR DDB:P3HT monomer ratios. Since the total amount of polymer in each film remains constant
throughout the doping process, we can calculate the number of P3HT monomers using the initial film
thickness (120 nm) and known P3HT film density of 1.1 g/cm2 75,76 and we obtain the dopant density from
the NR ratios. The results of this calculation are reported in Table 3.3. We then estimated the carrier
concentration using the measured conductivity and the estimate of μ given from the position of the P1
band via Figure 3.5c, as described in more detail in Table 1 of the SI. The ratio of these two numbers
provide an estimate of the doping efficiency of our DDB dopants. We find that as the redox potential of
the dopant is increased the doping efficiency also increases, as shown in Table Table 3.3. It is important
to note that the doping efficiency, by definition, considers all dopant molecules, whether or not they have
undergone charge transfer. Pingel and Neher estimated that with F4TCNQ, 95% of the charge transfer
events led to trapped polarons, yielding a doping efficiency of roughly 5%. 37,38
For our DDB dopants, we cannot directly probe the amount of charge transfer spectroscopically
both because of the difficulty of resolving the neutral and anion peaks in the DDB-doped systems, which
also strongly overlap the P3HT exciton absorption (shown in Figures S12 and S13 of the SI), and because
we do not know how the DDB neutral and anion absorption cross-sections change between solution and
film environments. However, we do know from both our AC-Hall measurements and the positions of the
P1 absorption bands that the carriers produced by DDB doping are essentially all free. This means that the
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differences in doping efficiency we observe with DDB redox potential are due to differences in the number
of charge transfer events. For our DDB-F36 dopant, which has a redox potential that is close to F4TCNQ
(higher by only ∼70 mV), we find a doping efficiency of 16%. With our highest-redox-potential dopant,
DDB-F72, which has a nearly 0.5 eV greater offset than F4TCNQ, we calculate a doping efficiency of 96%,
which is within the error of our previous estimate of 100%,6 highlighting the importance of energetic offset
for the generation of free carriers.
Why do higher redox-potential DDBs dope better? There may be some kinetic component, where
higher redox-potential DDBs are better able to drive the phase transition needed to incorporate clusters
into the polymer lamellae. In addition, the easiest place to dope in a P3HT film is in the crystallites, where
the carriers can be the most delocalized and thus have a lower ionization energy. In order to dope the
more amorphous regions of the films at higher doping concentrations, additional driving force to oxidize
these higher-energy polymer conformations is needed. Indeed, only the high-redox-potential DDB-F72 is
able to dope P3HT aggregates in solution, as described in more detail in section S8 of the SI.77 Thus, the
higher the redox potential of the dopant, the more ability to create carriers in different regions of a
semicrystalline P3HT film. When this oxidizing power is combined with sequestration of the anion yielding
minimal Coulomb trapping, it is not surprising that 100% doping efficiency can be achieved.
A General Picture of Chemical Doping in Conjugated Polymers
In view of previous results5,21,25,27,30,39-44 and those that we present here for our large DDB dopants,
it appears molecular dopants of all sizes, shapes and surface energies preferentially reside in the
crystalline regions of the polymer lamellae for P3HT (and likely for semiconducting polymers in general).
These observations can be explained from an energetic perspective. As mentioned above, the easiest
place to oxidize a conjugated polymer film is in the crystallites, where π-stacking of the polymer chains
allows for polaron delocalization. Hamidi-Sakr et al. have shown that only a few initial F4TCNQ dopants
are needed to drive the phase transition that causes reorientation and expansion of the crystalline unit
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cell,25 after which additional dopants continue to occupy the crystallites until they eventually become full.
The reoriented and expanded unit cell allows dopant counterions to reside in the lamellar region of the
crystallites. This is because the side chains have plenty of entropy for distortion, so the free energy cost
to disrupt the lamellar spacing is smaller than breaking up the polymer π stacks. Only once the low-energy
sites are all doped and the lamellae are filled does it make sense to put dopants in the amorphous regions,
where it is harder to oxidize the polymer and where more driving force for infiltration is required.
Although the details of the phase transition that occurs upon incorporation of DDB clusters is different,
the general phenomenon is the same. This explains why the oxidative driving force of the dopant affects
the amount of dopant intercalation. If the dopant molecule does not have sufficient redox potential to
oxidize the polymer crystallites, as is the case with DDB-Bn, the initial phase transition never happens, and
thus there is no way for any additional dopant to enter the polymer crystalline lattice.
Our results indicate that dopants prefer to reside in the polymer crystalline lamellae, whether
they are small molecules like F4TCNQ, which can fit between the polymer side chains and expand the
crystalline lamellae by only ∼10%, or large dopants, like the DDBs, which effectively double the lamellar
spacing. Knowing where the dopant molecules reside is important for understanding the physics of doping
because the spatial separation of the polaron and dopant counteranion is critical to determining the
extent of polaron delocalization and thus the doped carrier mobility. 9,61 These considerations are
especially important when dealing with low dielectric materials (such as most organic semiconductors)
and therefore critical to the development of organic electronics. This is also why it is important to keep
the dopant size constant when studying the effect of redox potential on doping efficiency, because
dopants with different sizes will change the lamellar spacing differently and thus lie at different distances
from the polymer backbone, changing the extent of Coulomb binding. The fact that dopants reside in the
polymer lamellae is the best-case scenario for keeping the dopant counterion away from the polarons on
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the conjugated backbone, explaining why chemically-doped conjugated polymers have been such a
fruitful area of study.
Moreover, the fact that dopants tend to lie in the crystalline lamallae, far from the polymer’s π
system, also explains why doped conjugated polymers tend to undergo integer charge transfer rather than
the partial charge transfer that is often observed with doped small molecules or oligomers. 51,78,79 Recent
work has shown that under special processing conditions, there can be partial charge transfer between
P3HT and dopants like F4TCNQ, and that partial charge transfer is associated with π-stacking of the dopant
with the polymer backbone.62,63Creating dopant/polymer π stacks is clearly kinetically very challenging
and potentially also thermodynamically unfavorable, which is why extreme measures must be taken to
create these species. Such measures include spinning the materials from a hot solvent that keeps the
polymer dissolved and prevents undoped crystallites from forming, 62,63 or synthetically modifying the
polymer with branched side chains to prevent lamellar intercalation.65 Although the thermodynamics of
the situation are not fully resolved, the kinetic problem is clear. A loss of polymer π-stacking to create
partial charge transfer complexes is energetically unfavorable, and unless dopants can fully intercalate
between the polymer chains, some π-stacking will be lost. By contrast, when the dopants reside in the
lamellar regions, the π-stacking in the crystalline regions is intrinsically preserved, and the loss of van der
Waals interactions between dopants and the polymer side chains due to dopant vacancies has a minimal
free energetic penalty. Oligomers and small molecules avoid this energetic conundrum by crystallizing
directly as stacked donor/acceptor dimers, so that intimate contact and wavefunction overlap lead to
partial rather than integer charge transfer.51,78,79
We believe that for all chemically-doped conjugated polymers, the doping process is essentially
identical. If the redox potential is strong enough to dope the polymer backbone with a high enough density
of doping events to induce crystalline reorganization, dopants will initially enter the crystalline lamellae;
the stronger the redox potential of the dopant, the greater the ability to initiate this reorganization. Once
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the phase transition has occurred and the reorganized lattice has expanded in the lamellar direction, there
is plenty of room to accommodate additional dopant molecules. This creates free carriers that are highly
conductive because the counterions are well segregated from the polarons on the backbone, as the
crystallinity of the π systems is largely unaffected. The mobility of these carriers will depend on the
distance of the counterions from the polymer backbone and thus on the lamellar spacing, explaining why
carriers created by small dopants such as F4TCNQ are not as mobile as those created by larger dopants
such as the DDBs. Once the crystalline lamellae are full, additional dopants will occupy the non-crystalline
regions of the film, as evidenced by the increase in the disordered π-stacking peak seen by GIWAXS in
Figure Figure 3.3c. The amorphous regions are harder to oxidize because the polarons are less delocalized,
and any polarons created in these regions have a lower mobility, as evidenced by a blue-shifted P1
absorption spectrum (Figures Figure 3.5a and 9a-c) and slower recovery dynamics in pump-probe
spectroscopy.45 The overall doping efficiency thus depends on redox potential for two reasons: first, the
potential must be high enough to cause the initial reorganization, and second, to keep doping after the
crystallites are full, the redox potential must be sufficient to oxidize higher-energy sites associated with
non-crystalline bends, kinks and other defects in the amorphous polymer structure.
3.3 Conclusions
In this work, we isolated the effects of electron affinity on the generation of charge carriers in
chemically-doped conjugated polymers by employing a unique molecular dopant system, dodecaboranes,
whose redox potential can be tuned while maintaining a constant dopant size and shape. Indeed, by
tuning the redox potential of the DDB and keeping the SqP doping solution concentration constant, we
can tune the doping level of the sample. The higher doping levels are caused by a combination of the
dopant’s electron affinity and thus propensity for electron transfer and by redox-driven infiltration of the
DDB dopants into the film. We characterized the vertical distribution and amount of dopants in
sequentially-doped films using neutron reflectometry. We observed mostly uniform dopant distribution
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throughout the film, with increasing dopant densities for higher-redox-potential clusters. Redox-driven
infiltration is also corroborated by both our XPS and GIWAXS studies. Our GIWAXS characterizations show
that doping leads to a new intercalated phase with a structure that has the DDB cluster sitting in the
lamellar region of the polymer, very similar to the structure produced upon doping with F4TCNQ.
The greater the infiltration of our large DDB clusters into P3HT films, of which there is more
intercalation for higher-redox-potential clusters, the greater the loss of polymer crystallinity we observe.
This is characterized by an observed increase in scattering from the disordered π-stacking peak. Despite
this increased disorder, both AC-Hall and FTIR measurements indicate that the polarons are delocalized
and highly mobile, highlighting the importance of anion separation to reduce Coulomb binding. The
closest distance a polaron on the P3HT backbone can get to a DDB counterion is ∼1 nm because of the
built-in steric protection of the DDB core.6 Since DDBs reside in the polymer lamellae, this leads to a typical
anion-polaron distance of 1.4-1.5 nm, which corresponds well with recently reported theoretical
calculations for the DDB-P3HT system in the literature.9 The shape and location of the polaron peak in the
FTIR spectra also confirm that all DDB dopants can effectively spatially separate the counterion.
Both our FTIR and AC-Hall measurements suggest that DDB doping produces virtually no trapped
carriers, indicating that the different DDBs produce different doping levels because they cause different
amounts of charge transfer. By combining the dopant densities we determine from NR with estimates of
the carrier density from our empirically-derived FTIR/AC Hall mobility relationship, we find that the DDB
doping efficiency increases with redox potential. Thus, we are able to tune the number of integer charge
transfer events per dopant with energetic offset. With our highest-redox-potential dopant, DDB-F72, we
achieve a doping efficiency of 96%. The electron affinity of DDB-F72 is what allows it to dope so efficiently
because this cluster has sufficient oxidizing potential to dope both low- and high-energy P3HT
conformations in the thin film.The intercalation of dopants in polymer lamellae gives insight as to why
conjugated polymers primarily undergo integer charge transfer as opposed to partial charge transfer. In
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charge transfer salts, the dopants can π-stack with the organic material being doped, whereas the general
crystal structure of conjugated polymers forces dopants to reside in the lamellar regions. This means
dopants are positioned further from the backbone, making partial charge transfer (in which the charge is
shared between donor an acceptor) much more rare. Indeed, partial charge transfer in doped conjugated
polymers is observed only in special cases,62,63 and likely only in amorphous regions where the dopants
can get closer to the polymer backbone. Therefore, the reason high crystallinity is important for good
conductivity with small-molecule dopants like F4TCNQ is that high crystallinity reduces Coulombic
interactions by keeping the dopant counterions at greater distances from the polymer backbone where
the polaron resides. This physical constraint is not required to keep large DDB dopants away from their
polarons, which is why even though crystalline intercalated phases are observed, high conductivity is still
observed even in more disordered films doped with DDBs. All of this has important implications for the
creation of future dopants, which could be tailored for better anion shielding and be given an appropriate
oxidizing potential, or for new dopable conjugated polymers, which could be designed with larger lamellar
spacings to better isolate the dopant counterion from the polymer backbone. The fact that both large and
small dopants behave in the same way provides a lot of flexibility in future dopant design, and offers great
hope for the use of chemically doped conjugated polymers in a variety of electronic applications.
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3.4 Supplementary Information
Materials
P3HT (Rieke metals inc., 4002-EE, Mn = 50-70 kg/mol, regioregularity 91-94%) and F4 TCNQ (TCI Chemicals)
were purchased and used as received. The DDBs were synthesized following previously reported
microwave based procedures.52,6 Microwave reactions were performed using a CEM Discover SP
microwave synthesis reactor. The reactions were conducted in glass 10 mL microwave reactor vials
purchased from CEM with silicone/PTFE caps equipped with a stirbar. Benzyl bromides were purchased
from Oakwood Chemicals and used as received. N,N-diisopropylethylamine (>99 %) was purchased from
Sigma Aldrich and used as received. Reagent grade hexanes, acetone, and ethyl acetate used for column
chromatography were purchased from Sigma Aldrich and used as received. The CH3 CN (anhydrous, 99.8
%) used for the synthesis of DDB-F72 was purified using a solvent purification system and was stored in a
nitrogen-filled glovebox over activated 3 Å molecular sieves.
Cyclic Voltammetry
Measurements were performed with a Gamry Instruments Interface 1010E potentiostat using a glassy
carbon disc working electrode, platinum wire counter electrode and a fritted Ag/AgCl reference electrode
(fill solution: saturated KCl in MeCN). All experiments were conducted at 2 mM analyte concentration with
[NnBu4 ]PF6 (0.1 M) supporting electrolyte in anhydrous DCM at a scan rate of 100 mV/s and referenced
to an internal Fc/Fc+ standard.
Film Fabrication
Substrates (either glass or silicon wafers) were cleaned by sequential sonication in alconox detergent
solution, deionized water, acetone, and isopropanol. This was followed by treatment in a harrick plasma
cleaner PDC-32G set to low RF level for 10 minutes. Subsequent film preparation steps were carried out
in nitrogen glove box atmosphere. P3HT films were spin-coated at a rate of 1000 rpm for 60 seconds from
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a 20 mg/mL polymer solution in 1,2-dichlorobenzene (ODCB, Sigma aldrich, anhydrous, 99%) producing
films that are ∼120-nm thick. The DDBs were infiltrated in a second spin-coating step out of CH3 CN
(anhydrous, 99.8 %) at the stated concentrations in which the solution was deposited on the pre-cast
polymer film and spun at 4000 rpm for 10 seconds. Film thicknesses were measured using a Dektak 150
stylus profilometer. The DDBs are stable in air and structurally stable in solution, however, can undergo a
redox reaction with the solvent if left for too long, therefore solutions were used on the same day they
were made.
Film Fabrication
UV-VIS-NIR absorption spectra were acquired from 300-2500 nm using a Shimadzu UV3101PC Scanning
Spectrophotometer for films prepared on glass substrates. FTIR data was acquired from 220-7000 cm−1
for matched samples on KBr plates using a Jasco FT/IR-420 spectrometer.
Conductivity
Devices for conductivity measurements were fabricated on 1.5 cm × 1.5 cm glass substrates. Following
film fabrication, electrodes were placed on the corners of the sample using PELCO conductive silver paint.
The Van der Pauw measurements were performed using a custom-built apparatus using a Kiethley 2400
Sourcemeter controlled by Labview software where the maximum current sourced was held to 1 mW total
power. For lower conductivity samples, the only low power region was fit. All reported values were
averaged over multiple measurements taken on at least 3 samples.
Neutron Reflectometry
Films for neutron reflectometry were made on 2 cm × 2 cm silicon substrates at 0.3 mM dopant
concentrations to increase signal (by maximizing size and decreasing surface roughness). Neutron
measurements were carried out at Oak Ridge National Lab on beamline 4b at the sample-air interface.
Raw data was fit to multi-layer model using Refl1D.16 Fits were performed by multiple people
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independently to ensure reproducibility. Relative contribution of DDB and polymer to the active layer SLD
was calculated as a weighted average of the measured P3HT SLD and the calculated SLD for DDB dopants.
Percentages were then normalized by atomic nuclei per monomer in both the dopant and P3HT monomer.
DDB SLDs were calculated using the NIST Neutron activation and scattering calculator.
X-ray Photoelectron Spectroscopy
XPS was performed using a Kratos Axis Ultra DLD spectrometer with a monochromatic Al K𝛼 radiation
source and a charge neutralizer filament was used to control charging of the sample. A pass energy of 20
eV was used for all spectra with a 0.1 eV step size and 300 ms dwell time. All spectra were calibrated to
the advantageous carbon 1s peak at 284.8 eV. In order to analyze dopant infiltration, spectra of the top
and bottom of the films were obtained via previously described methods. 6 Analysis was performed using
CasaXPS software and the relative sensitivity factors used were from the CASAXPS library.
Grazing-Incidence Wide-Angle X-ray Scattering
Films for 2-D GIWAXS measurements were prepared on 1.5 cm × 1.5 cm silicon substrates. Measurements
were performed at the Stanford Synchrotron Radiation Lightsource on beamline 11-3 using a wavelength
of 0.9742 Å with an incidence angle of 0.12°. Diffraction patterns were collected in a helium chamber to
increase signal-to-noise with a sample to detector distance of 250 mm and a spot size of ∼150 𝜇m on the
image plate. The 2-D diffractograms were radially integrated from to 0-10° and 80-90° to obtain the inplane and out-of-plane diffraction patterns. The IgorPro macro, Nika was used to calibrate and reduce the
GIWAXS data and subsequent analysis was performed in IgorPro. The intensities on the opposite sides of
the diffractogram (90-180°) were also checked to ensure they matched the chosen limits. Each integration
was background corrected for substrate scattering. The subtractions were performed on the raw
scattering data to ensure that no errors occurred due to background subtraction. To ensure
reproducibility in diffraction intensity and shape, all samples were made and measured in triplicate.
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Ac-Hall
Ac-Hall effect measurements were carried out at Lakeshore Cryotronics. Devices were made on 1 cm × 1
cm glass substrates. Following film fabrication, silver electrodes were deposited on the corners of the
samples with an Angstrom Engineering, Inc. evaporator at a pressure of < (1×10−6 Torr). The silver layer
was deposited at a rate of 0.5 Å/s up to 10 nm, followed by 1 Å/s to a final total thickness of 60 nm.
Samples were packaged in scintillation vials under argon atmosphere before being sent for testing. AC
magnetic field Hall measurements were performed with a Lake Shore model 8400 series AC Hall probe
system at a field strength of 0.6484 T and a current of 1.00 × 10−5. Nitrogen was flowed continuously
over the samples to reduce error from sample degradation. The technique is similar to DC Hall Effect, but
with an oscillating magnetic field at 0.1 Hz such that the hall voltage (resulting from the Lorentz force)
becomes time dependent. This allows the hall voltage to be distinguished from the static misalignment
offset voltage, which is large in low mobility materials.
Cyclic Voltammetry Measurements
The redox potentials of all dopants, including F4 TCNQ, were measured in-house by cyclic voltammetry
under the same conditions to properly ascertain their relative offsets. The results for the 0/1− redox
couple are shown in Figure 1. The offset vs. P3HT shown in the main text was estimated based on literature
values for P3HT HOMO (−5.0 eV vs vacuum) and F4 TCNQ LUMO (−5.24 eV vs vacuum).80-82
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Figure S1. CVs of all boron clusters in the 0/1- redox couple region.
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Absorption Spectroscopy Experiments
Figure 2 shows the UV-VIS-IR absorption spectra for 0.3 mM DDB sequentially doped P3HT (with the 1
mM data shown in Figure 1 of the main text.) The inset shows the standard energy band diagram for the
formation of polarons. Indeed, in the DDB doped P3HT spectra we see the evidence of polarons via these
signatures for all dopants with redox potentials above DDB-Bn. We do not see a significant / full bleach of
the band to band transition, even in the 1 mM films, due to the absorption of the neutral and anionic
DDBs under this peak.

Figure S2. UV-Vis of P3HT doped with 0.3 mM solutions of the DDB clusters.
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Conductivity Measurements
To characterize the electrical conductivity of P3HT films doped with DDB clusters of varying redox
potential, we fabricated samples doped with equimolar DDB solutions. The measured conductivities are
shown in Table 1.
Table 1. Van der Pauw conductivity measurements of DDB doped P3HT films.

Devices were fabricated via sequential processing on 1.5 cm × 1.5 cm glass substrates. The Van der Pauw
technique was used to measure the sheet resistance as follows; four probes are placed on each corner
of the square sample geometry and current is flowed along one edge of the sample while the voltage is
measured across the opposite edge. The contacts are rotated 90°, and the measurement is repeated.
The resistance values obtained from the slope of the I-V curves are fit to the Van der Pauw equation to
obtain the sheet resistance (R□ ). The thickness (𝑡) of the samples was obtained in three locations using
a Dektak 150 stylus profilometer. The reported values are averages and standard deviations of at least
three samples and these errors were propagated in the calculation of conductivity (1/R □ 𝑡).
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Neutron Reflectometry
Active layer SLDs are a weighted average of the SLDs of the contributing materials; P3HT and DDB dopant.
A sample calculation to obtain the P3HT monomer:DDB-F36 dopant is presented here. From our
measurements and calculations, we have:
Measured

P3HT

SLD

Calculated

DDB-F36

=

SLD

0.56
=

1.9

Measured Active Layer SLD = 1.17
Let 𝑥 be the weighted fraction of P3HT in the film. Then 1 − 𝑥 is the weighted fraction of DDB-F36 and
their relative contributions to the average SLD follows the relationship:
0.56𝑥 + 1.9(1 − 𝑥) = 1.17

(1)

The solution is 𝑥 = 0.544, thus 1 − 𝑥 = 0.456 and the nuclear ratio of P3HT:DDB is 544:456. To turn this
into a monomer to monomer ratio, we must divide by the number of atoms in each material.
P3HT

(C10 H14 S)

has

25

atoms

per

DDB-F36 (C96 H72 B12 F36 ) has 228 atoms per monomer
544
25

= 21.76 P3HT monomers to

456
228

= 2 DDB monomers

Therefore, the DDB-F36 :P3HT monomer ratio is 1:11
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(2)

monomer

X-Ray Photoelectron Spectroscopy
To obtain information about the infiltration of the dodecaborane clusters, XPS measurements were
carried out on the top and bottom surfaces of the films. The signal from the halogens on the DDB clusters
can be referenced to the sulfur signal which comes only from P3HT and integrated peak areas were used
to calculate the reported ratios. Sample fits for the resolvable fluorine and sulfur spectra are shown in the
main text Figure 2d,e and fits for bromine are shown here in Figure 3. We were unable to use such a
reference on DDB-Bn because the signal from boron is too weak to be used accurately and the DDB-Bn
cluster has no halogenated functional groups.

Figure S3. Bromine 3d peak fits for DDB-p-Br doped P3HT.
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GIWAXS of Thin Films Doped with DDBs
Representative 2D diffractograms for DDB doped P3HT are shown in Figure 4. The clear edge-on
orientation of the polymer with respect to the substrate is observed in which the lamellar (h00) overtones
appear out-of-plane and the (010) peak appears in-plane.

Figure S4. 2D diffractograms of representative samples of P3HT doped with each DDB at multiple
concentrations (each condition was run in triplicate).
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The out-of-plane GIWAXS curves for each DDB (with DDB-F36 shown in Figure 3 of the main text)
shows the concentration effects of each dopant and the gradual formation of a new phase. DDB-Bn, the
non-doping control, shows no structural changes. DDB-p-F increases the crystallinity of the P3HT at the
lowest doping concentration before causing the beginnings of the new phase at 1 mM. It has been
previously observe that the introduction of positive charges can increase the order of the film through
the delocalization of the positive charge.13 1 mM DDB-p-Br shows clear coexistence of both (h00) phases
as the original phase is being converted to the new one. Co-existence of phases in films doped with DDBF72 cannot be clearly determined due to the overlap of the original (h00) and (h00)′ peaks, however, the
appearance of the new phase is still clear from the higher order peaks. We also observe that the intensity
in the (100) region at 0.40 𝑞 decreases significantly both with increase in redox potential and DDB
concentration in 4a and 4b. This drop in intensity can be attributed to two factors. First, as can be seen
in 4c, the disorder of the film increases greatly at higher doping which could correspond to a decrease in
crystallinity. Second, in the new (h00)′ phase the peak centered near 0.40 𝑞 is a (200) peak and the
original P3HT (100) peak is inherently more intense than higher order overtones.

Figure S5. Out-of-plane GIWAXS curves of P3HT doped with DDB clusters demonstrating the
conversion to the new (h00)’ lamellar phase.
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The in-plane GIWAXS data for each DDB dopant at three concentrations is shown in Figure 6 and has
been normalized to the (010) peak. This reveals that a disordered 𝜋-stacking peak centered at 1.4 𝑞
grows in with increasing DDB concentration. Further, we see more of this disordered peak for the higher
redox potential DDBs. It is expected that there is more DDB cluster in the film for both increasing
concentration as well as redox-potential (based on NR), which would cause the increased structural
disorder that is observed here.

Figure S6. Normalized in-plane GIWAXS curves of P3HT doped with DDB clusters demonstrating an
increase in disordered π-stacking peak centered at 1.4 q with both concentration and DDB redox
potential.
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Solution Doping of P3HT with DDBs
Solution doping experiments were carried out as another method to compare the effect of redox potential
on the formation of polarons in P3HT. Here, the volume and concentration (2.5 mL of 0.1 mM) of P3HT
was controlled, as well as the amount of 0.1 mM dopant solution via a syringe. Both materials were
dissolved in ODCB and at these low concentrations and the doped materials remain soluble even at the
highest dopant aliquots. The solution UV-VIS-NIR spectra are shown in Figure 2. The advantage of this
method is that the amount of dopant can be controlled precisely and is known.

Figure 7. Solution doping of P3HT with DDBs in ODCB at known DDB:PRU ratios

To further elucidate trends in this data, the relevant peaks are tracked in Figure 8. We see that although
DDB-p-Br is able to dope P3HT in film here the reorganization energy is likely too high in solution and we
get no bleach of the P3HT peak at 450 nm (tracked in Figure 8a) and no notable increase in either the P1
or P2 peaks (tracked in Figure 8c,d). Still the relative doping ability is as we expect with DDB-F36 being
able to dope in solution and DDB-F72 being by far the best dopant. For DDB-F36 we see a bleach of the
P3HT peak up to 10% dopant after which the peak increases due to absorption from the cluster itself.
Similarly, P1 and P2 increase up to 10%, after which they stay relatively constant and there is a clear
change in slope. By contrast, DDB-F72 is able to continue to dope well past 10% and obtain a nearly full
bleach of the P3HT bandgap transition and larger increases in the P1 and P2 peaks that only begin to level
off near 30% dopant. For both DDB-F36 and DDB-F72 , we see the formation of P3HT aggregates, indicated
by the peak at 600 nm 83 (tracked in Figure 8b). For DDB-F72 only we see a decrease in intensity in the P3HT
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aggregate peak upon further doping. These experiments support the ideas that the very high electron
affinity of DDB-F72 contributes to its ability to dope many structureal conformations of P3HT, even those
that occur upon doping.

Figure 8. Absorbance tracked at P3HT bandgap peak (a), P3HT aggregate peak (b), P2 peak (c), and
P1 peak (d).
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FTIR of DDB-Doped P3HT
Concentration dependent FTIR data for P3HT doped with each DDB cluster is shown in Figure 9a-c (with
DDB-F72 shown in Figure 4a of the main text). In all cases, we see that as the concentration of DDB dopant
is increased, there is a slight blue shift of the P1 peak, which we attribute to the DDB clusters packing
slightly closer to the P3HT backbone as more clusters are loaded into the polymer network. Because of
this concentration dependence, we compare the closest intensity matched P1 peaks for which the raw
data is shown in Figure 9d (normalized data is shown in Figure 4b of the main text). Finally the P1 peaks
for all doped commercially obtained P3HT for which we have AC Hall measurements are shown in 9e. The
AC-Hall measurements are summarized on the following page, Section 10, in Table 2 and the fits to this
data are shown in Section 11, yielding a linear correlation between peak position and mobility (shown in
Figure 4c of the main text).

Figure 9. Concentration dependent FTIR data for DDB-p-F (a), DDB-p-Br (b), and DDB-F36 (c).
Unnormalized, intensity matched FTIR data (d). P1 peaks of doped P3HT with corresponding AC-Hall
mobility measurements (e).
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AC-Hall Measurements
AC-Hall measurements were obtained for DDB-F36 and compared to our previously obtained
measurements for DDB-F72 6 and F4 TCNQ.84 Films with conductivities under 1 S/cm are below the limits
that can be accurately measured with AC-Hall. All samples compared were prepared with commercial
P3HT (MW 50-70 kg/mol and regiogregularity 91-94%). We see that doping with the DDB clusters result
in higher mobilities than even the high crystallinity P3HT doped with F 4 TCNQ. DDB-F72 results in the
highest carrier density, likely due to its ∼0.5 eV greater energetic compared to the other dopants. The
F4 TCNQ films still have relatively high carrier densities likely due to the higher dopant solution
concentration and potentially greater infiltration of the small molecule. We note that the mobility tracks
with the peak positions of the corresponding FTIR peaks (shown in Figure 9). We fit the P1 region in the
following section and report the obtained correlation with mobility in Figure 4c of the main text.

Table 2. Comparison of carrier density (𝑛), mobility (𝜇) and conductivity (𝜎) measured by the AC Hall
effect for doped P3HT films.
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Fits of UV-VIS FTIR Data (P1 Region)
To determine the peak centers of the P1 peaks in doped P3HT films, we fit the P1 region of the absorbance
data to a Gaussian as shown in equation (1) where 𝐴 is the Amplitude, 𝑐 is the center, and 𝜔 is the width.
𝐴

𝑔(𝑥; 𝐴, 𝑐, 𝜔) = 𝜔√2𝜋 𝑒 −(𝑥−𝑐)

2 /2𝜔 2

(3)

The values we obtain agree with the full fits for the DDB-doped films we present in Section 12, justifying
this simplified method for fitting the data. For F 4 TCNQ films we fit the region between 0.18 and 0.8 eV
and for DDB doped films we fit from 0.18 to 0.6 eV to best encompass the center of the peak. The fitting
was performed in python using lmfit’s built in Gaussian model. The resulting fits are shown in Figure 10
and the fit parameters are reported in the inset tables. The errors on the fit parameters are smaller than
the last reported significant digit. The F4 TCNQ peaks are both more blue shifted than the DDB peaks with
the following order of peak centers:
(blue)− F4 TCNQ (amorphous) > F4 TCNQ (crystalline) > DDB-F36 > DDB-F72 −(red)
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Figure 10. Fits of P1 region for F4 TCNQ-doped low crystallinity P3HT (a) and high crystallinity P3HT
(b) with data taken from Ref. 9. Fits of our 1 mM DDB-F36 (c) and DDB-F72 doped P3HT (d).
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Fits of UV-VIS FTIR Data (Full)
To fit the full DDB doped P3HT spectra, we began with the absorption spectrum of a pure P3HT film. Since
P3HT has many vibronic transitions and both the anion and neutral spectra of the DDBs absorb under
P3HT’s peak, we will not try to pull out any quantitative information from this region. However, since
there is overlap between this region and the tail of the P3 polaron peak, it is important for the rest of the
fitting to get this region qualitatively right.
We implement four gaussians to fit P3HT: one for the main band-to-band transition and three for the
vibronic transitions associated with the crystalline 𝜋-stacking structure of P3HT. We find that in order to
reproduce the P3HT spectrum, we need to add a Rayleigh scattering term. Rayleigh scattering occurs if a
sample contains particles smaller than the wavelength of light such as the crystalline aggregates that exist
in our thin films and is proportional to 𝜆−4. Since the scattered light will not reach the detector, it will be
interpreted as absorption. Therefore, the equation used for this scattering term is as follows (in terms of
energy) where 𝑘 is a constant fit parameter:
𝑆𝑐𝑎𝑡(𝑥; 𝑘) = log10

1
ℎ𝑐
1 − 𝑘( 𝑥 )−4

The peak centers obtained correspond well to previously reported values for the bandgap transition (E𝑔
= 2.78 eV) as well as the singlet exciton (S0 = 2.05 eV), exciton +1 phonon (S1 = 2.22) , and exciton +2
phonons (S2 = 2.43).44
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Figure 11. P3HT film fit to the bandgap and three vibrational transitions with a scattering
background.
To fit the full DDB doped P3HT spectra, we fix the obtained centers of the P3HT transitions to +/- 0.1 eV
and let their widths and amplitudes vary freely. We also add a gaussian for the DDB neutral and DDB anion
at their approximate locations (+/- 0.25 eV). We use one gaussian per polaron transition, and unlike the
region under P3HT these are well resolved. Thus, our final fitting model is as follows:
𝑓(𝑥) = 𝑔𝑃1 + 𝑔𝑃2 + 𝑔𝑃3 + 𝑔𝑆0 + 𝑔𝑆1 + 𝑔𝑆2 + 𝑔𝐸𝑔 + 𝑔𝐷𝐷𝐵0 + 𝑔𝐷𝐷𝐵1− + 𝑆𝑐𝑎𝑡

(4)

The full fits with their decompositions are shown in Figures 12 and 13 and the obtained fit parameters are
summarized in Table 3 for which again the errors obtained are smaller than the last reported significant
digit.
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Figure 12. Full fits of 1 mM DDB doped P3HT films.
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Figure 13. Full fits of 0.3 mM DDB doped P3HT films.

Table 3. Summary of fit parameters obtained for P1, P2 and P3 peaks from the full fits of the UV-VISFTIR data.
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Chapter 4 Evaporation vs Solution Sequential Doping of Conjugated Polymers: F 4TCNQ Doping of
Micrometer-Thick P3HT Films for Thermoelectrics
4.1 Introduction
Conjugated polymers are of considerable interest since they are semiconducting1-3 and low cost,4,5
have mechanical ﬂexibility,6,7 are easily solution processed,4,8 and have properties that are readily tuned
synthetically. 4,9 As a result, these materials are ideally suited for a wide variety of device applications. 10-13
As with inorganic semiconductors, it is possible to dope conjugated polymers to increase their
equilibrium carrier density and thus modify their electrical properties. Unlike inorganic semiconductors,
which are doped by atomic substitution, organic semiconductors are usually doped chemically by adding
a strong oxidizing (or reducing) agent. When doped, semiconducting polymers show particular promise
as active materials for thermoelectrics,14-20 due to their reasonably high electrical conductivities and
generally poor thermal conductivities.14,17,21,22 This explains the recent surge of research on the multiple
ways to produce molecularly doped conjugated polymers; this research includes studies on the
methodologies used to produce doped polymer ﬁlms as well as studies on the performance of devices
fabricated from such materials.23-30
It is well established that the electrical conductivity of semiconducting polymers can be eﬀectively
tuned over several orders of magnitude by changing the amount of dopant used.27,31-33 What is less clear,
however, is the maximum possible degree of doping that can be achieved. Part of the reason for this is
that there are multiple diﬀerent methods for producing doped polymer ﬁlms. The most common method
involves casting a ﬁlm of pre-doped polymer created by blending the polymer and dopant in solution,
which we refer to as blend-cast doping.15,19,22,23,26,33-35 This method makes it diﬃcult to produce high
doping levels, however, because as conjugated polymers become charged in solution they generally
become much less soluble, making it diﬃcult to cast high-quality film. 15,23,36-39 Because of this there has
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been a great deal of recent eﬀort aimed at starting with undoped conjugated polymer ﬁlms and then
exposing the pre-cast ﬁlms to the dopant in a secondary step.
Diﬀerent groups implemented this latter approach, which we term sequential doping, in various
ways. Some researchers expose the polymer ﬁlm to the dopant molecules in the vapor phase,33,40-43 as
outlined schematically in Figure 4.1a. Alternatively, some groups, including ours, pursued a solution-based
technique where the dopant is directly spin coated from solution onto a pre-cast polymer ﬁlm,18,23-26,44,45
represented in Figure 4.1b. The purpose of this paper is to compare in detail the evaporation and solutionbased sequential doping methods to determine which method, if either, is better for particular
applications, such as thermo- electrics. This is accomplished through a head-to-head comparison of the
ﬁlms’ optical, electrical, and structural properties. To our knowledge, this is the ﬁrst study performed to
date that compares the two doping methods side-by-side on identical pre-cast polymer ﬁlms.
Furthermore, our comparison extends to ﬁlms that are hundreds of nanometers thick, a thickness regime
that is largely uncharacterized in the literature.

Figure 4.1 Schematic showing sequential doping of conjugated polymer ﬁlms using (a) evaporation
sequential doping and (b) solution sequential doping; after the initial step, the arrows in each panel
indicate the changes that take place as a function of time. (a) For evaporation doping the crucible is
resistively heated, producing dopant vapor (yellow) that can intercalate into a pre-cast polymer ﬁlm
(red). With additional time a greater amount of dopant intercalates within the polymer ﬁlm (doped
ﬁlm is indicated with black color). If evaporation continues, the dopant is added in excess, eventually
coating the exposed side of the ﬁlm. (b) For solution doping a dopant solution (yellow) is spin cast
onto a pre-cast polymer ﬁlm (red). Solvent for the dopant solution is chosen to swell but not dissolve
the polymer, allowing mass action to drive the dopant from the solution into the swollen ﬁlm. Films
can be more strongly doped (increasing black color) by increasing the concentration of the dopant in
solution.
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Evaporation sequential doping has been the subject of many recent reports, most of which have
focused on the doping of poly(3-hexylthiophene-2,5-diyl) (P3HT) by 2,3,5,6-tetra- ﬂuoro-7,7,8,8tetracyanoquinodimethane (F4TCNQ).33,42 These reports attributed the high electrical conductivities
observed after doping to the idea that the crystalline order of the pre-cast polymer ﬁlms is preserved after
doping. Similar conclusions have been reached upon evaporation doping of poly(2,5-bis(3-alkylthiophen2-yl)thieno[3,2-b]thiophene) (PBTTT). 46 Although evaporation sequential doping yields
high conductivities, most reports focus on ﬁlms that are only a few tens of nanometers thick. 40-42,46
Another open question with evaporation doping is how to reproducibly control the amount of
dopant delivered. This is because most experimental evaporation doping setups add the dopant by
sublimation in a home-built chamber with no way to precisely monitor the amount of dopant deposited
on the polymer ﬁlm.33,41-43 An additional issue is the fact that the sublimation process tends to heat
polymer ﬁlms: heating promotes increased diﬀusion of dopant species, and heating- induced diﬀusion
may vary among diﬀerent polymer/dopant systems. This leads to potential diﬃculties with reproducibility
if the temperature of the ﬁlm cannot be precisely controlled.41,42 Very few studies have focused on more
quantitative methods for delivering a precise amount of dopant such as using a thermal evaporator with
thickness monitoring.40
Solution sequential doping has also been the focus of much recent work. 18,19,23-26,43-45,47,48 Methods
for solution sequential doping include (1) immersing the ﬁlm in a dopant solution, (2) drop casting the
dopant solution onto the polymer ﬁlm, and (3) spin coating the dopant solution onto the polymer ﬁlm.
Although ﬁlm immersion and drop casting can eﬀectively dope polymer ﬁlms, we focus here on doping by
spin-coating due to its facility in producing high-quality ﬁlms.23−25 With spin coating, the dopant is
dissolved in a solvent that is chosen to optimally swell but not dissolve the polymer of interest. When the
dopant solution is spin coated onto a pre-cast polymer ﬁlm, mass action drives the dopant from the
solution into the swollen polymer under- layer.23-26,49-51 As with evaporation doping, solution sequential
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doping maintains much of the pre-cast polymer ﬁlm’s morphology, leading to excellent ﬁlm quality and
high electrical conductivities. 23-26 Moreover, because the method involves the spin coating of a dopant
solution with a precisely deﬁned concentration, the reproducibility of the method is high. 23-26,44
Solution sequential processing is limited, however, by the need to ﬁnd solvents that
simultaneously dissolve the dopant and optimally swell the polymer but do not dissolve the polymer
underlayer. Since it is generally straightforward using solvents or solvent blends to optimally swell a
conjugated polymer ﬁlm, 26,50 the limiting factor for dopant intercalation with solution sequential doping
is usually the solubility of the dopant in the selected swelling solvent.52
Despite the widespread and increasing application of sequential doping via evaporation and
solution processing, no head-to-head comparison between the two methods has been carried out. In this
work, we consider the similarities and diﬀerences between the evaporation and the solution sequential
doping methods, focusing on the well-studied P3HT/F4TCNQ materials combination. Of particular interest
is the way each method scales for doping conjugated polymer ﬁlms of increasing thicknesses. For our
evaporation-sequential- doping experiments, we employ a thermal evaporator to intercalate the F4TCNQ
dopant into ﬁlms of P3HT. The ﬁlms are actively held at a ﬁxed temperature, and the extent of deposition
is calibrated using a quartz crystal microbalance (QCM) thickness monitor, providing quantitative and
reproducible dopant delivery. Our solution sequential doping measurements rely on spinning F4TCNQ
from dichloro- methane (DCM), which is a near-optimal solvent for swelling P3HT. 23-26,50,51,53,54 Since both
techniques are sequential, we are able to make detailed comparisons between the two methods by
doping identical pre-cast ﬁlms of P3HT.
Using these two methods we ﬁnd that the electrical conductivities and thermoelectric
performance of doped ﬁlms are comparable if each method is properly applied. For evaporation doping,
after an “overhead” thickness of ∼6 nm of F4TNCQ is deposited, the optimal degree of doping is achieved
when a thickness ratio of ∼1:3 dopant:polymer is reached, corresponding to a thiophene
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monomer:ionized dopant species ratio of ∼8.5:1 for all ﬁlm thicknesses studied. For solution doping, the
dopant solution concentration must be adjusted depending on the polymer ﬁlm thickness.
We also ﬁnd that both solution and evaporation sequential doping can eﬀectively dope very thick
semiconducting polymer ﬁlms. When we started this study, we expected that evaporation doping would
be ineﬀective for thicker ﬁlms because the vertical distribution of the dopant would be limited by
molecular diﬀusion, yielding high dopant concentrations near the top surface and a deﬁcit of doping near
the substrate. Surprisingly, however, our UV−vis, conductivity, and QCM measurements all indicate that
for a wide range of polymer ﬁlm thicknesses the extent of uniform chemical doping by evaporation only
levels oﬀ after a monomer unit:dopant ratio of ∼8.5:1 is reached. Both the evaporation and the solution
methods can create 400 nm thick doped P3HT ﬁlms with electrical conductivities of ∼5 S/cm and
thermoelectric power factors near 2 μW/mK2; these same properties can be maintained for ﬁlms as thick
as 2 μm when doped via the solution method.
In addition, we ﬁnd using grazing-incidence wide-angle X- ray scattering (GIWAXS) that doping by
either method increases P3HT crystalline coherence lengths, particularly for the evaporation-doped ﬁlms:
crystallinity of the doped ﬁlm is important with dopants such as F4TCNQ in order to keep the dopant anion
as far as possible from the polaron on the polymer backbone.24,55 When the doping process is optimized
by either the solution or evaporation sequential methods we see that the amplitude ratio of the P3HT
neutral to F4TCNQ anion/P2 polaron optical absorption peaks is near 1:1, providing a simple guideline to
achieve optimal doping when the evaporation thickness cannot be easily controlled. Overall, we conclude
that both solution- and evaporation-based doping methods are well suited to achieve high doping
concentrations for applications across a wide range of polymer ﬁlm thicknesses.
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4.2 Experimental Methods
All materials and solvents were purchased commercially and used as received. Electronic-grade
P3HT was purchased from Rieke Metals, and F4TCNQ was purchased from TCI America. Please see the
Supporting Information (SI) for more details.
P3HT solutions at concentrations of 0.5%, 2%, and 5% weight/volume (w/v) were prepared by
dissolving 5, 20, and 50 mg P3HT in 1 mL of o-dichlorobenzene, respectively. The solutions were heated
and stirred at 65 ◦C to fully dissolve the polymer, and the solutions were cooled to room temperature
before use. Films were prepared in a N2 atmosphere by spin casting the P3HT solutions onto glass
substrates at 1000 rpm for 60 s followed by 3000 rpm for 5 s. With this spin-casting condition, the 0.5%,
2%, and 5% w/v P3HT solutions yielded 25, 110, and 400 nm thick ﬁlms, respectively. Films that were 2
μm thick were prepared by drop casting 30 μL of a 2% w/v P3HT solution onto glass substrates, which
were then slow dried by being placed onto a small, covered Petri dish for 2 days. Thickness measurements
were carried out using a Dektak 150 proﬁlometer. UV−vis absorption spectra were collected using a
Lambda 25 UV−visible spectrophotometer, and Fourier transform infrared (FTIR) spectroscopy data
were acquired for ﬁlms prepared on KBr plates using a Jasco FT/IR- 420 spectrophotometer.
We performed our evaporation sequential doping via controlled thermal evaporation. F4TCNQ
was thermally evaporated onto pre-cast P3HT ﬁlms using an Angstrom Engineering Nexdep thermal
evaporator, in which the F4TCNQ powder was placed into an alumina crucible that was resistively heated
at pressures below 1 × 10−6 Torr to induce sublimation. The pre-cast P3HT ﬁlms were ﬁxed to a rotating
sample stage that was actively cooled using ∼15 ◦C chilled water. The evaporation rate was held constant
at 0.5 Å/s, and the thickness of evaporated dopant was monitored using a quartz crystal microbalance
located next to the sample holder. For all of the data presented here, the doped polymer
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ﬁlms were characterized immediately (≤1 h) after treating with dopant from either the vapor or the
solution phase; however, no changes in conductivity, spectroscopy, or other factors were observed as a
function of time after doping if the ﬁlms were kept under inert atmosphere at room temperature,
indicating that subsequent diﬀusion of the dopant did not take place.
Determination of the P3HT monomer to dopant ratio required measuring the mass density of
both pristine P3HT ﬁlms and pure evaporated ﬁlms of F4TCNQ, which was carried out using a previously
reported method.56 The mass density of evaporated F4TCNQ also was veriﬁed using a fresh quartz crystal
microbalance (QCM) and surface proﬁlometer. We found that the mass density of evaporated F4TCNQ is
only 0.77 ± 0.06 g/cm3, about one-half that of the single-crystal density; a more detailed discussion of
how we determined the precise amount of F4TCNQ deposited by evaporation can be found in the SI.
Solution sequential doping proceeded via spin coating solutions of F4TCNQ dissolved in dichloromethane
(DCM) at speciﬁed concentrations onto pre-cast P3HT ﬁlms at 4000 rpm for 10 s.
Grazing incidence wide-angle X-ray scattering (GIWAXS) experiments were performed at the
Stanford Synchrotron Radiation Lightsource on beamline 11-3 using an X-ray wavelength of 0.9742 Å, an
incident angle of 0.12°, and a sample to 2-D charge-coupled device distance of 250 mm. All samples were
irradiated for 90 s. Two-dimensional diﬀractograms were radially integrated from 0° to 180° for full
integration, 0−10° for in-plane curves, and 80−90° for out-of- plane curves. Curves were thickness
normalized based on the pre-doping ﬁlm thickness. This normalization was chosen because only the
polymer thickness contributes to the diﬀraction intensity.
Four-point-probe-based electrical conductivity measurements were performed under ambient
conditions on samples fabricated as described above using the Van Der Pauw geometry,57 with silver paste
electrodes placed at the corners of the 1.5 × 1.5 cm square samples as in our previous work. 23,24 Electrical
conductivities were determined by measuring the ﬁlm thickness and sheet resistance, and the electrical
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conductivity was determined by dividing the reciprocal of the measured sheet resistance by the measured
thickness of the doped ﬁlm in centimeters.
For measurements of the thermovoltage/Seebeck coeﬃcient, the samples were prepared in the
same way as for the electrical conductivity measurements except the electrodes were fabricated by
evaporating 15 nm of molybdenum oxide (MoO3) to reduce the contact resistance followed by 60 nm of
silver; these electrodes had a 6.6 mm spacing. The samples were placed at the interface of two commercial
thermoelectric devices to establish a temperature diﬀerence between the two electrodes, generating a
thermovoltage. We measured the thermovoltage generated at applied temperature diﬀerences ranging
from 2 to 9 °C and calculated the Seebeck coeﬃcient as the slope of the best-ﬁt line of the thermovoltage
vs temperature diﬀerence. Details of our home-built thermo- electric characterization setup and data
analysis are further described in the SI.
4.3 Results and Discussion
The main goal of this work is to understand the evaporation and solution sequential doping
methods by comparing them on the same pre-cast conjugated polymer ﬁlms using the same dopant. We
seek to better understand any trade-oﬀs that may exist between the two doping methods and describe
under what conditions, if any, one method may be favored over the other. For both types of sequential
doping we investigate the limit of thick ﬁlms, which are expected to function better for many applications,
including thermoelectrics. The evaporation doping literature has only explored ﬁlm thicknesses of a few
tens of nanometers, and it is not yet clear if thick polymer ﬁlms can be fully saturated with dopant by this
method. Solution doping has been explored for thicker ﬁlms using a multilayer method,45 and more
recently, very thick P3HT ﬁlms (10−40 μm) were demonstrated to be homogeneously doped by soaking in
solutions of dopant dissolved in acetonitrile for 72 h. 58 It is still unclear if the method of soaking in a
completely orthogonal solvent is reproducible and how this method would extend to solution spin
coating, which relies on semiorthogonal swelling solvents in a single, concerted processing step. Here, we
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show that when properly tuned both the evaporation and the solution sequential doping methods are
capable of doping ﬁlms of surprisingly large thicknesses, yielding comparable conductivities and
thermoelectric performance.
Sequential Doping of P3HT by Thermal Evaporation
We begin our comparison by studying doping via thermal evaporation. For this method, we tracked the
extent of doping via the thickness of F4TCNQ deposited, as measured by a calibrated QCM. For the 25 nm
thick polymer ﬁlms, we explored a range of evaporated dopant thicknesses between 5 and 50 nm. For 110
nm thick P3HT ﬁlms, we examined dopant thicknesses from 25 to 50 nm. Finally, for 400 nm thick polymer
ﬁlms, our dopant deposition ranged from 25 to 200 nm. The evaporated doping thickness ranges were
chosen to circles/lines in Figure 4.2a show that the conductivity of 25 nm pre-cast P3HT ﬁlms is low when
only small amounts of evaporated F4TCNQ are employed, reaches a maximum with 15 nm of evaporated
F4TCNQ, and then decreases upon evaporation of additional dopant. For 110 nm thick P3HT ﬁlms, the red
circles/lines in Figure 4.2b show that the optimal conductivity is reached using 40 nm of evaporated
dopant. The increased thickness of dopant required to achieve the optimal conductivity makes sense given
the greater pre-cast polymer ﬁlm thickness: additional dopant is clearly required to optimally dope the
additional polymer in the thicker ﬁlm. For 400 nm thick pre-cast P3HT ﬁlms, the green circles/lines in
Figure 4.2c show that 150 nm of evaporated F4TCNQ is needed to achieve the optimal conductivity. To
our knowledge, this represents the ﬁrst time a P3HT ﬁlm of this thickness has been successfully doped to
saturation levels by the evaporation method. Previous work has shown that evaporated bulky dopants
that are larger than F4TCNQ can eﬀectively diﬀuse through P3HT at room temperature but only for 50 nm
thick P3HT ﬁlms.59 Our results here show that this diﬀusion holds for ﬁlms at least eight times as thick.
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Figure 4.2 Conductivity (circles) measurements for (a) 25 nm pre-cast P3HT ﬁlms (blue), (b) 110 nm
pre-cast P3HT ﬁlms (red), and (c) 400 nm pre-cast P3HT ﬁlms (green) doped with diﬀerent
evaporated thicknesses of F4TCNQ. Ratio of the optical absorbance at 1.6 eV to that at 2.4 eV
(corresponding roughly to the amount of neutral material) for each ﬁlm is plotted as the magenta
squares (right axis); cf. Figure 3. The optical absorption ratio empirically tracks the conductivity and
reaches a peak of ∼0.9 at the optimal conductivity.
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Table 4.1Summary of the Conductivity for Sequential Doping of Pre-cast P3HT Films with Diﬀerent
Thicknessesa

a

The conductivity values were calculated using the measured sheet resistance and thickness of the
doped ﬁlms. bThese values were calculated after subtracting initial 6 nm of overhead.

Although we could have explored thicker ﬁlms via evaporation sequential doping, we did not
examine this limit since reaching the optimal conductivity would likely require evaporating hundreds of
nanometers of F4TCNQ, which becomes cost prohibitive. Additionally, previous work indicates that
evaporated F4TCNQ better penetrates P3HT ﬁlms if the temperature of the ﬁlm is raised during
evaporation, although it is important to note that excessive heat can de-dope polymer ﬁlms.60,61 The data
in Figure 4.2 were taken on ﬁlms that were actively cooled and held at 15 ◦C during evaporation. This
suggests that evaporation doping should be readily applicable to even thicker ﬁlms if heating was applied
to increase the solid-state diﬀusion of the dopant into the polymer.
The conductivity values shown in Figure 4.2 were calculated from the measured electrical sheet
resistance using the measured ﬁlm thickness after doping. In the limit of evaporating a large amount of
dopant, enough material was added that the thickness of the ﬁlm increased signiﬁcantly after doping. For
example, Table 1 shows that the pre-cast 400 nm thick P3HT with the optimal 150 nm of evaporated
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F4TCNQ becomes 512 nm thick after doping. We surmise that at the highest evaporated doping
thicknesses not all of the dopant participates in the electrical conduction of the ﬁlms; thus, in some sense,
the “conductive thickness” of the doped ﬁlm is at most only that of the original pre-cast P3HT polymer.
This strongly suggests that at the point of maximum conductivity the largest possible number of P3HT
units are doped and that addition of more dopant accomplishes little other than increasing the ﬁlm
thickness. As a result, the conductivity begins to decrease past the optimal evaporated dopant thickness
simply because of the change in thickness.
Figure 4.2 and Table 4.1 also show that we obtain higher maximum conductivities with increasing
thickness of the pre-cast P3HT ﬁlms. As we will discuss further below, this is because the doped thicker
ﬁlms have a larger crystalline coherence length: this produces more delocalized carriers with higher
mobilities by helping to increase the distance between the dopant counterion and the conductive hole on
the polymer backbone.24,55
To gain further insight into the changes taking place in our P3HT ﬁlms upon evaporation doping,
Figure 4.3 shows the UV−vis absorption spectrum of each of the ﬁlms whose conductivities were explored
in Figure 4.2. The spectroscopy of F4TCNQ-doped P3HT ﬁlms has been explored previously by many
groups,18,23,24,41,44,62 and we show a reference spectrum of a doped ﬁlm assigning the various features in
the SI. For purposes of the discussion here, we will focus on the P3HT neutral exciton absorption peak
spanning the region from 2.0 to 2.8 eV and the overlapping P3HT P2 polaron and F4TCNQ anion absorption
peaks near 1.6 eV. 23,62
Figure 4.3 shows that for all three pre-cast P3HT ﬁlm thicknesses, as the amount of evaporated
dopant is increased, the amplitude of the P3HT neutral exciton absorption decreases while the amplitude
of the overlapping P2 polaron and dopant anion absorption bands concomitantly increases. Moreover,
the data also show that once we have passed the point of optimal conductivity for each ﬁlm, a broad
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absorption centered near ∼3.1 eV appears due to the presence of neutral F4TCNQ; the SI shows the
absorption spectrum of a pure ﬁlm of evaporated F4TCNQ for comparison. Figure 4.3 thus indicates that
once the optimal conductivity is achieved, additional F4TCNQ does little except cake onto the surface of
the ﬁlm.

Figure 4.3 UV−vis absorbance spectra for (a) 25 nm pre-cast P3HT ﬁlms (blue), (b) 110 nm pre-cast
P3HT ﬁlms (red), and (c) 400 nm pre-cast P3HT ﬁlms (green) doped with varying thicknesses of
evaporated F4TCNQ; more saturated/darker colors correspond to thicker amounts of evaporated
dopant. As the pre-cast P3HT ﬁlm thickness is increased, an increasing thickness of evaporated
F4TCNQ is required to eﬀectively dope the ﬁlm. At the F4TCNQ thickness for optimal electrical
conductivity, the ratio of the absorbance at these two energies (plotted in Figure 4.2) is ∼0.9:1. For
all three P3HT ﬁlm thicknesses, once the optimal conductivity point is passed a new absorbance
feature at 3.1 eV due to the presence of neutral F4TCNQ grows in, indicating that the ability to dope
the ﬁlm is saturated.
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Figure 4.3 also shows that for all three pre-cast P3HT ﬁlm thicknesses the absorption spectra of
the doped ﬁlms with the optimal amount of evaporated F4TCNQ for the best conductivity are essentially
identical (other than their absolute absorptivities). In particular, we empirically see that the optimally
doped ﬁlms always have a roughly 0.9:1 ratio of the absorbance at 1.6−2.4 eV: these two energies,
respectively, correspond roughly to the amounts of doped and neutral material in the ﬁlm. We note
that

deconvoluting the overlapping absorbances in this region43 can be challenging because the

spectrum and absorptivity of the polaron and anion species are environment dependent,23 but we see
that the absorption ratio at these two wavelengths serves as an excellent proxy for determining the
optimal degree of doping. We plot the ratio of the absorbance at 1.6 and 2.4 eV for each of our evaporated
doped ﬁlms as the magenta squares/lines in Figure 4.2. Below, we will show that optimally doped ﬁlms
created by solution sequential doping also have a similar absorbance ratio at these two energies. This
indicates that this ratio corresponds to optimal doping in all situations for this materials combination. This
suggests that when the amount of evaporated dopant cannot be readily controlled (such as in a
homemade sublimation setup), one could use the empirically determined absorbance ratio at these two
wavelengths as a useful proxy for determining the optimal amount of F4TCNQ needed to dope a given
P3HT ﬁlm.
As summarized in Table 1, the 25, 110, and 400 nm pre-cast P3HT ﬁlms require 15, 40, and 150
nm of evaporated F4TCNQ, respectively, in order to achieve their optimal conductivity. When we examine
the ratio of optimal evaporated dopant thickness to pre-cast polymer ﬁlm thickness we see that it is 0.36
and 0.38 for the 110 and 400 nm pre-cast ﬁlms, respectively. This strongly suggests that there is an optimal
doping ratio that is independent of the polymer ﬁlm thickness. The 25 nm thick pre-cast ﬁlm, however,
has a much higher evaporated dopant:polymer thickness ratio (∼0.6) at the optimal conductivity point.
This discrepancy in dopant/polymer thickness ratio for the 25 nm P3HT ﬁlm likely results from
structural transitions that occur when P3HT is doped with F4TCNQ.18 As dopant is introduced into the
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polymer, it is well documented that the P3HT lamellar spacing becomes larger and the π−π stacking
distance decreases,23,24 a change that can be attributed to a reorientation of the P3HT chains with
respect to the unit cell to accommodate the presence of the dopant in the lamellar region of the ﬁlm.18
This makes it possible that there exists a threshold or “overhead” thickness of evaporated dopant that is
required to induce or nucleate this structural transition, as discussed further in the SI. It is also possible
that this overhead thickness is required for ﬁlling trap states in the polymer ﬁlm before an appreciable
number of free carriers can be formed, although this would suggest that the overhead thickness would
depend on the ﬁlm thickness. An explanation in better agreement with our observations is that structural
reorganization proceeds in a way similar to seeded crystal growth, where a minimum crystal size is
required to initiate the process, at which point the structural reorganization may self-propagate as new
dopants are added. We ﬁnd that if the required “overhead” thickness of evaporated F4TCNQ is 6 nm we
obtain an identical dopant-to-polymer thickness ratio of ∼1/3 for all three P3HT ﬁlm thicknesses, as shown
in the SI.
We can take this idea of an optimal thickness ratio a step further and analyze the ratio of
thiophene monomer units to ionized dopant molecules at the optimal doping concentration. Typically,
this ratio has only been determined at very low doping levels when the dopant and polymer species were
codissolved at carefully prescribed concentrations. At higher dopant concentrations, this ratio has been
estimated based on the optical absorption of the polaron in the infrared region of the spectrum (the socalled P1 absorption).44,63 Unfortunately, as mentioned above, the spectral position, shape and intensity
of the P1 polaron absorption band changes with the degree of P3HT crystallinity because of a change in
the average distance between the polaron and the counterion,24,55 and the P2 polaron absorption overlaps
with that of the F4TCNQ anion. This makes the reliable determination of stoichiometric dopant ratios by
optical methods a challenging task. This is especially true near the limit of saturation doping levels when
both trapped and free polarons can be present.23,64
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However, because our vapor-doping process uses a QCM thickness monitor in situ, we have
explicit knowledge of the mass of the added dopant during thin-ﬁlm deposition. As described in the SI, by
measuring the evaporated F4TCNQ and spin-coated P3HT ﬁlm mass densities we are able to determine
the dopant/polymer stoichiometry based on the evaporated dopant thickness. The stoichiometric ratios
for each evaporation are summarized in Table 1. We ﬁnd that when excluding the measured “overhead”
thickness of 6 nm, the optimum ratio of P3HT thiophene units to ionized F4TCNQ dopants is ∼8.5:1 for all
P3HT ﬁlm thicknesses.
On the basis of this information, we can draw two important conclusions about the evaporation
doping process. First, it appears that small molecule dopants like F4TCNQ are capable of interpenetrating
ﬁlms of P3HT of essentially any thickness. Second, it appears that there is little point to further doping
beyond the optimal ratio of ∼8.5:1 thiophene units per ionized F4TCNQ molecule. For dopant densities
higher than optimal, we see an increase in absorption of the neutral F 4TCNQ species located at ∼3.1 eV,
suggesting once saturation doping levels are reached much of the additional F4TCNQ does not undergo
charge transfer. This observation is consistent with previous work that suggests at higher doping levels
there is an increase in the creation of trapped carriers, suggesting that the optimal ratio is where the
polymer crystallites become full with dopant.64
Sequential Doping of P3HT by Solution-Processing
We continue our comparison of sequential doping methods in this section by exploring the
properties of P3HT ﬁlms doped via solution sequential doping. This involves spin- coating solutions of
F4TCNQ dissolved in dichloromethane at diﬀerent concentrations on top of pre-cast P3HT ﬁlms of diﬀerent
thicknesses. DCM is known to swell P3HT ﬁlms without dissolving them, and it also has a reasonable
solubility for F4TCNQ, allowing mass action to drive the dopant into the swollen polymer underlayer.26 In
previous work we have successfully used this method to dope P3HT ﬁlms of roughly
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100 nm thickness with F4TCNQ,23-26 and another group developed a layer-by-layer version of solution
doping to produce thicker doped ﬁlms for thermoelectrics.45
We begin by investigating how the use of diﬀerent F4TCNQ solution concentrations (0.01, 0.1, and
1 mg/mL) inﬂuence the resultant electrical conductivity of doped P3HT ﬁlms with diﬀerent thicknesses.
Figure 4.4 shows that when using a 0.01 mg/mL F4TCNQ solution (orange diamond) we are able to
measure the conductivity of a pre-cast 25 nm thick P3HT ﬁlm, but thicker ﬁlms show no measurable
conductivity as they are highly under-doped. When we increase the dopant concentration to 0.1 mg/mL
(maroon squares), we see respectable conductivities (≤1 S/cm) for pre-cast 25, 110, and 400 nm thick
P3HT ﬁlms. Not until we use a 1 mg/mL F4TCNQ solution, which is close to the F4TCNQ solubility limit in
DCM, we can eﬀectively dope P3HT ﬁlms with thicknesses ranging from 25 nm to 2 μm; these ﬁlms all
have conductivities above 1 S/cm.

Figure 4.4 Conductivity measurements for solution-doped pre-cast P3HT ﬁlms ranging in thickness
from 25 to 2000 nm. Films are solution doped with 0.01 (orange diamond), 0.1 (maroon squares), or
1 mg/mL (navy circles) solutions of F4TCNQ in DCM. Film conductivity increases with increasing
F4TCNQ concentration until an optimal value is reached. Note the x-axis scale break between 525
and 1900 nm.

These results demonstrate that solution sequential doping can be used in a single step to optimize
the conductivity of even very thick conjugated polymer ﬁlms. Similar to our evaporation results, the
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thickest pre-cast P3HT ﬁlms have the highest electrical conductivities, which we attribute below to greater
polymer ordering and thus hole mobility. Although ∼1 μm thick ﬁlms of P3HT have previously been doped
with tetrabutylammonium salts,65 our results here represent, to the best of our knowledge, the thickest
reported ﬁlms of P3HT doped with F4TCNQ.
Figure 4.5 presents the UV−vis absorption spectra of the solution-doped ﬁlms, which show
noticeably

similar trends compared to the evaporation-doped ﬁlms (Figure 3): as the dopant

concentration increases, the neutral P3HT peak intensity decreases while that of the F4TCNQ anion/P2
polaron peak increases. Figure 4.5a shows that 25 nm thick pre- cast P3HT ﬁlms are already highly doped
even when using a low solution F4TCNQ concentration of 0.01 mg/mL. When the dopant solution
concentration is increased to 1 mg/mL, we observe signiﬁcant absorbance at 3.1 eV from neutral F4TCNQ,
indicating we are past the optimal doping point and have oversaturated the ﬁlms with F4TCNQ. For 110
nm thick pre-cast P3HT ﬁlms, Figure 4.5b shows a similar trend, but at low dopant concentrations, the
extent of doping is reduced. This ﬁts with our expectation that additional polymer material requires
additional dopant to achieve the same doping levels. Figure 4.5c indicates that for 400 nm thick pre-cast
P3HT ﬁlms the extra polymer material requires the use of the higher concentration 1 mg/mL dopant
solution to achieve suﬃcient doping levels. We were unable to perform UV−vis spectroscopy on 2 μm
thick P3HT ﬁlms because their optical density exceeds 10.
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Figure 4.5 UV−vis absorption spectra for (a) 25 nm pre-cast P3HT ﬁlms (blue), (b) 110 nm pre-cast
P3HT ﬁlms (red), and (c) 400 nm pre-cast P3HT ﬁlms (green); as with Figure 3, more saturated/darker
colors correspond to increased dopant concentrations of 0.01, 0.1, and 1 mg/mL. As the thickness of
P3HT increases, an increasing concentration of F4TCNQ is required to eﬀectively dope the ﬁlm, as
indicated by the decrease of the P3HT neutral peak near 2.4 eV and the increase of the F4TCNQ
anion/polaron P2 peak near 1.6 eV. As with the evaporated doped ﬁlms, the optimal electrical
conductivity occurs when the doped:neutral ratio is ∼1.1. For all ﬁlms in this thickness range, the
doping becomes saturated at higher concentrations, as evidenced by the appearance of absorbance
due to neutral F4TCNQ peak near 3.1 eV.

Although the concentration range investigated here is more coarse-grained than that explored
for vapor doping, it is worth discussing some ﬁnal similarities and diﬀerences between the two methods.
First, in the case where dopant is in high excess relative to the polymer we see very similar absorption
features in the UV−vis spectra. This is most clearly illustrated in Figures 4.3a and 4.5a, where excess
dopant produces very similar absorption proﬁles, independent of doping method. One marked diﬀerence
we might expect between the two methods concerns the need for the overhead thickness to induce
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structural reordering, as in the case of vapor doping. Because polymer ﬁlms swell during the solution
doping process it is plausible that the swelling solvent provides the impetus for the needed structural
reordering, negating the need for an overhead amount of dopant material. Again, adequately exploring
the analogous doping regime for solution processing would require investigating a more ﬁnely spaced
concentration range, and we leave this open to future work.
When we examine the UV−vis spectra in more detail we see that the ratio of the doped material
absorption peak at 1.6 eV to the neutral P3HT absorption peak at 2.4 eV is ∼1.1:1, which is very similar to
the optimal ratio of ∼0.9:1 that we saw with evaporation doping. We note that the absorbance peak ratio
for the 25 nm thick ﬁlm is lower, but this likely results from overlap of the neutral P3HT peak with the tail
of the neutral F4TCNQ absorption. Thus, the UV−vis absorption spectrum can serve as a guide to ﬁnding
the optimal doping concentration for electrical conductivity by roughly matching the intensities of the
neutral and doped P3HT absorbance peaks. This result follows in the same manner as our UV−vis results
for evaporation-doped ﬁlms, where the same ratio was observed for optimal electrical conductivity.
Structural and Infrared Characterization of Vapor- and Solution-Doped P3HT Films
In order to better understand the relationship between ﬁlm structure and the conductivity of our
doped and undoped P3HT ﬁlms, we used 2-D grazing-incidence wide-angle X-ray scattering (GIWAXS) to
study ﬁlms doped by both evaporation and solution sequential doping. In the data shown below we study
thick P3HT ﬁlms. The data demonstrate that, as expected, the pre-cast ﬁlms (Figure 4.6a), solution-doped
ﬁlms (Figure 4.6b), and evaporation-doped ﬁlms (Figure 4.6c) have a preferentially edge-on orientation.
We also show in Figures S5, S7, and S8 of the SI that edge-on orientation is maintained for all other P3HT
thicknesses of pre-cast and sequentially doped ﬁlms.
Previous work has shown that increased P3HT relative crystallinity (as measured by the (100) peak
intensity) is correlated with increased conductivity in F4TCNQ-doped ﬁlms.23-25,41,43 The origin of this
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increase lies in the fact that F4TCNQ molecules located within crystalline domains sit between the side
chains in the lamellar region and are thus held fairly far from the polaron on the P3HT backbone. This
distance decreases coulomb attractions between the polaron and the counterion, which is particularly
important given the low dielectric constant of most conjugated polymers, thereby resulting in more
mobile charge carriers.55

Figure 4.6 Representative 2-D diﬀractograms of 110 nm thick P3HT ﬁlms that are (a) undoped, (b)
doped with F4TCNQ via solution sequential processing, and (c) doped with F4TCNQ via thermal
evaporation. These results demonstrate that the natural edge-on orientation of the P3HT chains in
undoped ﬁlms is maintained following both methods of sequential doping.

We note that simply integrating the (100) scattering peak is not the ideal way to determine the
relative crystalline fraction of a P3HT ﬁlm because other eﬀects (overall structure factor, etc.) can modify
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this value, particularly for ﬁlms with very diﬀerent thicknesses. Table 4.2 summarizes the GIWAXS data
for all of our pristine and sequentially doped P3HT ﬁlms. These data show that based simply on the
thickness- normalized integrated (100) peak areas, the thicker and more conductive doped ﬁlms in fact
have lower relative crystallinity. Moreover, the vapor-doped ﬁlms show lower integrated (100) peak areas
than the thickness-matched solution-doped ﬁlms, despite the fact that vapor doping produces more
conductive ﬁlms (Figures 4.2 and 4.4).

Table 4.2 Summary of the Thickness-Normalized GIWAXS Data for Pure P3HT, Solution-Doped P3HT,
and Vapor-Doped P3HT Films

We note that simply integrating the (100) scattering peak is not the ideal way to determine the
relative crystalline fraction of a P3HT ﬁlm because other eﬀects (overall structure factor, etc.) can modify
this value, particularly for ﬁlms with very diﬀerent thicknesses. Table 2 summarizes the GIWAXS data for
all of our pristine and sequentially doped P3HT ﬁlms. These data show that based simply on the thicknessnormalized integrated (100) peak areas, the thicker and more conductive doped ﬁlms in fact have lower
relative crystallinity. Moreover, the vapor-doped ﬁlms show lower integrated (100) peak areas than the
thickness-matched solution-doped ﬁlms, despite the fact that vapor doping produces more conductive
ﬁlms (Figures 2 and 4).
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Figure 4.7 Full integrations of thickness-normalized 2-D GIWAXS diﬀractograms of P3HT ﬁlms doped
with F4TCNQ via (a) thermal evaporation and (b) solution sequential processing. Data for undoped
P3HT (dashed black curve) is shown for reference. Out-of-plane integrations are included in the
expanded insets for clarity. Data show that 25 (blue) and 110 nm (red) ﬁlms both largely maintain
their original crystallinity after doping. For the 110 and 400 nm (green) vapor-doped ﬁlms, a (400)
overtone appears, indicating improved long-range order that correlates with higher carrier mobility
and thus conductivity.

Since diﬀraction peak area alone cannot explain the conductivity trends we observe with the
doping method or ﬁlm thickness, we also investigated the relative degree of order of the crystalline
regions, which is reﬂected in the GIWAXS crystalline coherence length and relative overtone
Strength.66-68 Figure 4.7 shows that doping by either sequential method causes the lamellar (h00) peaks
to shift to lower q, which corresponds to a larger d spacing that better accommodates the F4TCNQ anion,
as expected.18 However, the insets of Figure 4.7a and Figure 4.7b demonstrate that vapor doping of P3HT
also causes a (400) lamellar overtone to appear, which is particularly evident in thicker ﬁlms. There is no
sign of a new (400) peak for the equivalent solution-doped P3HT samples, in agreement with previously
published work,23-25,33,41,42 indicating that this additional order is induced only by the vapor doping process.
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Using the widths of the (h00) overtones we calculated crystallite size or crystallite coherence
lengths from the Scherrer equation.69,70 The results in Table 4.2 show that for ﬁlms thicker than 25 nm,
vapor doping results in an increase in domain sizes compared to both solution-doped P3HT ﬁlms and the
original undoped P3HT ﬁlms. For example, the vapor- doped samples where the (400) peak is observed
have a crystalline coherence length calculated from the diﬀraction peak width of 14 nm, while our
solution-doped ﬁlms of equivalent thickness demonstrate a coherence length of only 9 nm. This increased
coherence length further corroborates the conclusion that the vapor-doped samples are more ordered
than the solution-doped samples. The decrease in peak width and the increase in the number of
observable overtones together indicate that doping increases the long-range order of P3HT ﬁlms and that
evaporative doping increases the long- range order of P3HT to a greater extent than solution doping.
Figure 4.7 and Table 4.2 also show that although the peak widths are somewhat broader for
solution-doped ﬁlms compared to both undoped and vapor-doped ﬁlms, the relative intensities of the
overtone peaks is even higher than those from the vapor-doped material. This suggests that for the P3HT/
F4TCNQ system it is not the overall crystalline fraction that contributes to increased conductivity but
rather increased long- range ordering within the crystalline regions that correlates with increased
conductivity, presumably because this best increases the average polaron-to-counterion distance.55
To better explore the correlation between ﬁlm structure and the resultant carrier properties we
measured the IR absorption spectrum of the P1 polaron transition for our 110 and 400 nm pre-cast P3HT
ﬁlms. We chose conditions for both solution and evaporation doping to achieve the optimal electrical
conductivity at each thickness. Figure 4.8 shows that for the 400 nm thick pre-cast P3HT ﬁlms (blue curves)
the main P1 band is red shifted and the IR-active vibrations (IRAVs, which occur below 0.18 eV) have a
higher intensity compared to the 110 nm thick pre-cast ﬁlms (red curves), independent of processing
method.71 A red-shifted P1 band and higher absorption IRAV band are known to correlate with increased
polaron delocalization and hence higher carrier mobility.24,55,72-74 Thus, we see a direct correlation
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between the degree of polaron delocalization and conductivity, explaining why thicker ﬁlms in general
have higher conductivities.

Figure 4.8 Absorption spectra of the P1 polaron transition for the doped 110 (red) and 400 nm (blue)
pre-cast P3HT ﬁlms. Films are doped by solution (solid lines) and evaporation (dashed lines)
sequential doping; doping conditions were selected to optimize the electrical conductivity. P1 band
for both the solution and the evaporation sequentially doped 400 nm pre-cast P3HT ﬁlms is red
shifted, indicating greater polymer ordering that is correlated with a higher hole mobility.

Thermoelectric Properties of P3HT Film Produced by Evaporations and Solution Sequential Doping
Having compared two methods for eﬀectively sequentially doping P3HT ﬁlms of varying thickness,
we now turn to investigating how F4TCNQ-doped P3HT ﬁlms fabricated by the diﬀerent routes function
as thermoelectric materials up to 2 μm thick. Figure 4.9 presents the thermo- electric properties of the
evaporation-doped (black squares) and solution-doped (red circles) P3HT ﬁlms that yielded the highest
electrical conductivities for each pre-cast ﬁlm thickness. Figure 4.9a shows that the electrical conductivity
increases with increasing pre-cast P3HT ﬁlm thickness for both doping methods. As mentioned above, this
is because the thicker P3HT ﬁlms have a higher degree of delocalization, yielding higher mobility carriers.
The evaporation-doped samples yield slightly higher conductivities at the same ﬁlm thickness, which is
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due to slightly increased long-range order in the evaporation-derived materials. The UV−vis absorption
spectra of these optimal-conductivity ﬁlms are all quite similar, as shown in the SI.
Figure 4.9b shows the Seebeck coeﬃcients of the doped polymer ﬁlms, which are determined by
the magnitude of the thermovoltage produced for a given temperature gradient. The data show that the
Seebeck coeﬃcient decreases for the thicker, more conductive ﬁlms. This trend agrees with the wellknown anticorrelation between electrical conductivity and Seebeck coeﬃcient, where the Seebeck
coeﬃcient is seen empirically to vary as electrical conductivity to the 1/4 power, 14,22 as shown in more
detail in the SI. Indeed, the Seebeck coeﬃcients for the solution-doped ﬁlms are higher than those for the
evaporation-doped ﬁlms, as expected from their slightly lower electrical conductivities. Furthermore, we
note that the Seebeck coeﬃcients we measure in the tens of μV/K range are consistent with those found
in other studies on thinner ﬁlms of doped polythiophenes.22,34
Finally, we calculated the thermoelectric power factor, which is the product of the electrical
conductivity and the square of the Seebeck coeﬃcient. The power factor, along with the thermal
conductivity and the temperature, is the main measure of thermoelectric eﬃciency; we show the power
factor for our doped P3HT ﬁlms in Figure 4.9c. 14,22 For all ﬁlm thicknesses that we investigated the devices
show similar power factors on the order of 1−2 μW/mK2. The fact that the power factor holds for the 2
μm thick ﬁlm shows that solution sequential processing is an eﬀective method for producing organic
thermoelectric active layers.
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Figure 4.9 Thermoelectric properties of 25, 110, 400, and 2000 nm pre-cast P3HT ﬁlms doped with
F4TCNQ by solution (black squares) and evaporation (red circles) sequential processing. Processing
conditions for each method were chosen to produce the most conductive ﬁlms. For evaporation
doping, the 25, 110, and 400 nm thick pre-cast P3HT ﬁlms were doped with 15, 40, and 150 nm of
F4TCNQ, respectively. For solution doping, all P3HT ﬁlms were doped with a 1 mg/mL F4TCNQ
solution. (a) Thicker P3HT ﬁlms have higher electrical conductivities than thinner ﬁlms, and
evaporation doping produces slightly higher conductivities than solution doping. (b) Seebeck
coeﬃcient of doped P3HT ﬁlms decreases with increasing ﬁlm thickness, and solution doping yields
slightly higher values than evaporation doping. (c) Thermoelectric power factors of all of our doped
P3HT ﬁlms are similar, indicating that both processing techniques produce ﬁlms equally well suited
for use in thermoelectrics. Note the scale break on the x-axis between 525 and 1900 nm.

Overall, we see that regardless of doping methodology the thermoelectric properties of solutionand evaporation-doped polymer ﬁlms are quite similar. Even though the two methods deliver the dopant
in diﬀerent ways, they both preserve the original P3HT ﬁlm structure by doping in a sequential
manner,23,24,26,33 and thus, both oﬀer potential for creating active layers for organic thermoelectrics.
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Overall, both evaporation and solution doping methods have distinct advantages, and our results show
that one can use whichever method best suits the particular device fabrication needs: solution processing
beneﬁts from lower cost, while evaporation methods might be more amenable for larger device areas.
4.4 Conclusions
In this paper, we demonstrate that sequential processing is a highly eﬀective method for
chemically doping conjugated polymer ﬁlms by performing a direct comparison between identically
prepared evaporation- and solution-doped ﬁlms. Sequential doping starts with a pre-cast polymer ﬁlm,
which is then doped either by thermally evaporating dopant or by spin casting a solution of dopant on top
of the polymer ﬁlm. Both methods have the advantage of leaving the structure of the pre- cast polymer
ﬁlm roughly intact, and thus, the methods give similar electrical conductivities with similar degrees of
doping. One key aspect of this work is our demonstration that both methods can be used to dope very
thick semiconductor polymer ﬁlms. For evaporation sequential doping, we demonstrated the ability to
dope ﬁlms up to 400 nm thick, and the doping of thicker ﬁlms should be readily possible (particularly if
heating is employed to improve diﬀusion of the dopant into the ﬁlm), limited only by cost of evaporating
large amounts of dopant. For solution sequential doping, we have shown that ﬁlms up to 2 μm thick can
be doped via spin coating in a single processing step.
Evaporation doping results in improved long-range crystallinity, as evidenced by the development
of a (400) lamellar overtone in GIWAXS, and increased crystalline coherence lengths, explaining why
evaporation doping achieves slightly higher electrical conductivities than solution doping. Evaporation
doping requires an “overhead” thickness of ∼6 nm, possibly to induce restructuring of the polymer crystal
lattice to accommodate the dopant; once the overhead is complete, the optimal evaporated F 4TCNQ
thickness is ∼1/3 the P3HT ﬁlm thickness, resulting in a thiophene monomer:ionized dopant molecule
ratio of ∼8.5:1. Solution doping, on the other hand, allows access to the doping of thicker ﬁlms with a far
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more cost eﬃcient use of material. However, ﬁnding the optimal solvent to dissolve the dopant and swell,
but not dissolve the polymer may not be so straightforward with every polymer:dopant combination.
For both sequential doping methods, we ﬁnd empirically that UV−vis absorption spectroscopy
provides a good indication of when the optimal electrical conductivity has been achieved. Here we deﬁne
optimal as the point where the ratio of the doped to neutral P3HT absorption approaches 1:1. When less
dopant than the optimal is used, the ﬁlms have poor conductivity because much of the polymer remains
undoped.
When more dopant than optimal is employed, the film conductivity decreases slightly, due to the
fact that additional dopant either creates trapped carriers or does not dope at all. The increase in thickness
that results from the presence of excess dopant causes a drop in conductivity. Thicker pre-cast P3HT ﬁlms
demonstrate higher electrical conductivities due to greater polymer long-range ordering, which increases
the hole mobility.
Upon fabricating thermoelectric devices by both sequential doping methods, we ﬁnd that their
thermoelectric properties are quite similar regardless of which method is employed. For each polymer
ﬁlm thickness studied, the power factors fall across only a narrow range. This demonstrates that
processing techniques that operate on fundamentally diﬀerent principles can both be successfully applied
to the fabrication of thermoelectric devices. Finally, although we have pushed the limit of sequential
doping to 2 μm thick ﬁlms, it is clear that either technique could potentially be extended to still thicker
ﬁlms, which is an avenue worth exploring in the future.
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4.5 Supplementary Information
Organic Materials
All materials were purchased commercially and used as received. P3HT was purchased from Rieke
Metals, Inc. (4002-EE; RR ∼91-94%, Mw = 46-57 kDa, PDI=2.3) and F4TCNQ was purchased from TCI
America.
Doping Fabrication Procedures
The first step in the fabrication process was cleaning glass substrates. First, the glass substrates
were sonicated for approximately ten minutes in each cleaning solution (detergent, deionized water,
acetone, and isopropanol). The substrates were dried with nitrogen gas before being put under vacuum
for approximately 10 minutes.
P3HT solutions at concentrations of 0.5%, 2%, and 5% were prepared by respectively dissolving 5
mg, 20 mg, and 50 mg P3HT in 1 mL ortho-dichlorobenzene. The solutions were heated at 65 ◦C to dissolve
the polymer and the solutions were cooled to room temperature before using. The solutions were used
without any further preparation such as filtration. Films were prepared in a nitrogen atmosphere by spincasting the P3HT solution on glass substrates at 1000 rpm for 60 s, followed by 3000 rpm for 5 s. The 0.5%,
2%, and 5% solutions respectively gave 25 nm, 110 nm, and 400 nm thick films. The 2 µm thick films were
prepared by slow-drying: 30 µL of a 2% P3HT solution was drop-cast onto the glass substrate and placed
into a covered Petri dish for two days for complete drying.
Evaporation sequential doping proceeded via thermal evaporation. F4TCNQ was ther- mally
evaporated onto P3HT films using an Angstrom Engineering Nexdep thermal evapo- rator: the F4TCNQ
powder was placed in an alumina crucible resistively heated at pressures <1 × 10−6 Torr to induce
sublimation towards exposed P3HT samples fixed to an actively-cooled rotating sample stage; due to the
high vapor pressure of F4TCNQ, only low powers were needed to sublime the material, further ensuring
the films were constantly cooled. The evaporation rate was 0.5 ˚A/s for the entire evaporation and
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the thickness of evaporated dopant was monitored using a quartz crystal microbalance located near the
sample stage. Solution sequential doping proceeded via spin coating a solution of F4TCNQ dissolved in
dichloromethane (DCM) onto the P3HT film. The F4TCNQ solution was cast directly on the P3HT film and
spun at 4000 rpm for 10 s.
UV-Visible Spectroscopy
UV-Visible absorption experiments were carried out using a Lambda 25 UV-Vis spectrophotometer.

Figure S1: Normalized UV-Visible spectra for a P3HT film doped with F4TCNQ. Chemical doping
results in the following peaks: P3HT polaron (navy), F4TCNQ anion (red), neutral P3HT (green), and
neutral F4TCNQ, (black).
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Figure S2: UV-Visible spectrum of 50 nm evaporated F4TCNQ on glass.

As shown in Figure S3, there is close agreement in the spectral profiles for the solution- and
evaporation-doped 110-nm- and 400-nm-thick pre-cast P3HT films that yield the highest electrical
conductivities. We note that the 25-nm pre-cast P3HT film doped with the 1 mg/mL solution has the
optimal conductivity, yet by UV-vis has a large F4TCNQ neutral peak. This observation agrees with the
report by Hamidi-Sakr et al. and our “overhead” analysis where some extra dopant is required for optimal
doping. 1 Since this additional dopant is required to reorient and does not contribute to the doping, for
thin films we expect to see a larger intensity for the F4TCNQ neutral peak. We also note that the 25 nm
evaporation-doped P3HT film does not have a large F4TCNQ neutral peak, but instead has a high
dopant:polymer thickness ratio. Thus, both evaporation and solution-sequential doping require extra
F4TCNQ, but the identification is different for each doping method. This highlights that despite the
similarities in doping the film, some differences do exist and they are more apparent in the thinner films.
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Figure S3: UV-visible spectra for solution- and evaporation-doped P3HT films with the highest
electrical conductivity. The films compared are (a) 25 nm pre-cast P3HT films, (b) 110 nm pre-cast
P3HT films, and (c) 400 nm pre-cast P3HT films. Varying thicknesses of F4TCNQ were evaporated on
the P3HT films. As the thickness of P3HT increases, an increasing thickness of F4TCNQ is required to
effectively dope the film, as indicated by a decrease the in P3HT neutral peak and the increase of the
F4TCNQ anion peaks. For all films, as the film is saturated with F4TCNQ, the neutral F4TCNQ peak
grows in as the primary feature.
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Figure S4: Total film thickness for 25 nm (black squares), 110 nm (red circles), and 400 nm (blue
triangles) pre-cast P3HT films after F4TCNQ evaporation. For the initial evaporation of F4TCNQ, the
thickness change is very small.
Grazing-Incidence Wide Angle X-Ray Scattering (GIWAXS)
2-D grazing incidence wide angle X-ray scattering (GIWAXS) experiments were performed at
Stanford Synchrotron Light Source beamline 11-3. A wavelength of 0.9742 ˚A, incidence angle of 0.12◦,
and a 2-D charge-coupled device distance of 250 mm were used. 2-D diffractograms were radially
integrated from 0-180◦ for full integration, 0-10◦ for in-plane curves, and 80-90◦ for out-of-plane curves.
GIWAXS curves were reduced and processed using the WAXStools macro in IgorPro. Curves were thickness
normalized based on the pre-doping thickness because only the polymer thickness contributes to
diffraction intensity. 2-D images and 1-D integrated curves are shown in the figures below demonstrating
the orientation behavior relative to the substrate of all doped and undoped films discussed in this study.
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Figure S5: Intensity color-mapped GIWAXS diffractograms for (a) Pure P3HT 25 nm, (b) solutiondoped 25 nm, (c) vapor-doped 25 nm, (d) pure P3HT 110 nm, (e) solution- doped 110 nm, (f) vapordoped 110 nm, (g) pure P3HT 400 nm, (h) solution-doped 400 nm, (i) vapor-doped 400 nm, (j) pure
P3HT 2000 nm, and (k) solution-doped 2000 nm.
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Figure S6: Thickness-normalized full integrations of pure P3HT at various thickness demonstrating
that there is little crystallinity difference between sample thicknesses. Crystallinity as demonstrated
by the (100) peak intensity decreases slightly for thicker films.
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Figure S7: Out-of-plane (top) and in-plane integrations of pure P3HT demonstrating predominantly
edge-on orientation is preserved for all film thicknesses.
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Figure S8: Out-of-plane (top) and in-plane (bottom) integrations of solution-doped P3HT. This
demonstrates that the edge-on orientation does not change upon SqP doping via solution
processing.
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S9: Out-of-plane (top) and in-plane (bottom) integrations of vapor-doped P3HT. This demonstrates
that the edge-on orientation does not change upon vapor- doping.

Calculating Overhead F4TCNQ Thickness
Since the 25 nm, 110 nm, and 400 nm pre-cast P3HT films require, respectively, 15 nm, 40 nm,
and 150 nm of evaporated F4TCNQ in order to achieve optimal conductivity values, we can calculate the
F4TCNQ:P3HT thickness ratios: respectively, these values are 0.60, 0.36, and 0.38. The thickness required
to orient the polymer, or “overhead” thickness can be calculated assuming that it does not contribute
significantly to the conductivity. It is important to note that the dopant-to-polymer thickness ratios to
maximize the electrical conductivity calculated above all assume each nm of dopant contributes to the
conductivity. Once subtracting the “overhead” thickness, t, the optimal doping thicknesses for the 25 nm,
110 nm, and 400 nm films are, respectively, 15 - t, 40 - t, and 150 - t. We find that when t
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= 6 nm, the dopant-to-polymer thickness ratios are, respectively, 0.36, 0.31, and 0.36.
Determination of Monomer:Dopant Ration in Evaporation Doped Films
The mass density of our P3HT films and evaporated F4TCNQ films was determined using a
previously-described method2 that relies on UV-Vis spectroscopy and surface profilome- try. First, a
calibration curve was constructed of known concentrations of P3HT solutions dissolved in ODCB, as
shown in Figure S10. Next, we used profilometry and the fact that Volume = Thickness × Area, to obtain
the total volume of a P3HT film on a 1.5 cm x 1.5 cm substrate was obtained. In order to determine the
average mass of a P3HT film of known volume, the film was dissolved in 1.00 mL of ODCB and the UV-Vis
absorbance of the resulting solution was measured. This absorbance was then compared to a leastsquares linear fit of the calibration solutions to obtain the mass of the dissolved P3HT. This pro- cedure
yielded a P3HT mass density of 1.29 g/cm3, in line with previously reported P3HT densities3,4 that range
between 1.1-1.33 g/cm3.

Figure S10: (a) UV-Vis absorbance spectrum for known P3HT solution concentrations. (b) Calibration
curve of P3HT dissolved in ODCB from the data in (a). The red star indicates the average absorbance
for P3HT films re-dissolved in 1.00 mL ODCB.
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For F4TCNQ, we first followed a similar procedure as for P3HT films followed above. We note that
the density of F4TCNQ single crystals has been reported to be 1.68 g/cm3, which is quite a bit higher than
that of P3HT. Figures S11 and S12 show that using the re- dissolution method, we arrived at an
unexpectedly low mass density value for our evaporated F4TCNQ films of only 0.74 g/cm3, less than half
that of the single crystal. Given how low the evaporated density came out, we worked to verify this
number using an independent technique. Our thermal evaporator uses an SQC-310 Thin Film Deposition
Controller from INFICON and the user manual details a standard procedure for refining the density value
for a given material. Using a fresh QCM thickness monitor, setting the deposition tooling factor to 100%,
Z-factor to 1.000 and inputting a “best guess” density, D1, for the pure crystal value. After placing a sample
directly adjacent to the QCM sensor, a 100-nm deposition, Tx, of F4TCNQ was carried out as measured by
the SQC-310, followed by a measurement of the actual film thickness, Tm, using profilometry. Using Eq.
1, this procedure was performed 3 times, each with a successively more accurate “best guess” until the
revised estimate gave 0.77 g/cm3, and a final iteration confirmed the value with Tm = Tx, and the same
density 0.77 g/cm3.
𝐷𝑒𝑛𝑠𝑖𝑡𝑦 (

𝑔
𝑇𝑥
) = 𝐷1 ( )
3
𝑐𝑚
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To further verify the validity of this method, we employed the Sauerbrey equation (Eq. 2) relating
the change in resonant frequency for an ideal AT-cut quartz crystal resonator to the change in mass, where
here the mass of the added material is approximated to be part of the QCM itself. It is important to note
that the relationship between these two quantities can only be assumed to be linear for the first 5%
change in resonant frequency thus requiring the use of a new QCM sensor.
∆𝑚 = −

∆𝑓𝐴√𝜇𝑞 𝜌𝑞
2𝑓20

Simply using the resonant frequency change, ∆f, the piezoelectrically active crystal area (i.e., the
QCM area exposed to the impinging material), A, the density and shear modulus of quartz for an AT-cut
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crystal, ρq, and µq, respectively, (Table S1) and the profilometer measured thickness of 108 ± 8 nm, we
obtained a calculated density of 0.77 ± 0.06 g/cm3.
Table S1: List of parameters used and calculated for the method relying on the Sauer- brey
equation.

Note that the density obtained by the UV-VIS re-dissolution method, 0.74 g/cm3, is within the
error of this presumably more trustworthy method which relies on very sensitive changes in QCM
resonant frequency, so it appears that the density of evaporated F4TCNQ is indeed about half that of the
single crystal. We use 0.77 ± 0.06 g/cm3 for our calculations of the monomer:dopant ratio presented in
the main text. To further justify the validity of this abnormally low density, we performed the same set of
experiments on an evaporated film of silver (114 ± 4 nm). It is typical for evaporated thin films to have
somewhat lower densities when compared to their bulk values and this was indeed true for our silver
sample. We calculated a density of 9.28 ± 0.27 g/cm3 compared to the bulk value of 10.49 g/cm3.
Conductivity Measurements
Conductivity measurements were collected in the Van der Pauw geometry using a custom- made
apparatus. The measurements were collected in ambient atmosphere using a Keithley 2400 sourcemeter
where the max current ranged from 10 µA to 100 µA. The current was swept from negative to positive,
rotated 90◦, and repeated. The slope of the IV curves were subsequently fit to the Van der Pauw equation.
Note that our 4-point probe Van Der Pauw technique relies on a Keithley 2400 and is not capable of
accurately measuring values with sheet resistances above ∼5 × 108 Ω/□. This sheet resistance
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corresponds to conductivities far below what we have reported here. Samples in the Van der Pauw
geometry were prepared as described in the main text, with silver paste applied at the corners of the film
to act as contacts.

Figure S11: (a) UV-Vis absorbance spectrum for each solution concentration. Red star indicates the
average absorbance for F4TCNQ films dissolved in 1 mL ODCB. (b) Calibration curve of F4TCNQ
dissolved in ODCB and serial diluted to obtain a range of concentrations.

Sheet Resistance Over Time
To verify that the vapor doped films were stable over time, we periodically tested sheet resistance
over several hours. In Figure S13 it can be seen that the film sheet resistance is largely unchanged over a
period of 130 minutes, indicating the majority of dopants have already undergone charge transfer and
films remain stable to degradation in air over a period of hours.
Thermoelectric Measurements
Samples for the Seebeck measurement were prepared as earlier described in the text. To reduce
contact resistance at the electrodes, 15 nm molybdenum oxide (MoO3) was first evaporated, followed by
60 nm of silver. To ensure reproducibility of the Seebeck measurement, the distance between electrodes
was kept constant by evaporating the metal contacts through a shadow-mask with an active layer gap of
6.6 mm. The measurements were collected in an argon atmosphere. The Seebeck measurement requires
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the use of an HP 6632A DC power supply to power both peltier heat pumps (the hot and cold sinks), a
Keithley 2400 source meter to run the resistance temperature detectors (RTDs) that measure the
temperature at each electrode, and a Keithley 2000 digital multimeter to measure the induced
thermoelectric voltage.

Figure S12: An overlay of 5 samples with 50 nm of F4TCNQ evaporated on 1.5 cm × 1.5 cm
substrates. Samples were each dissolved in 1 mL ODCB prior to taking UV-VIS

Figure S13: Sheet resistance measured for a precast 25 nm P3HT film, vapor doped with 30 nm of
F4TCNQ.
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Figure S14: A schematic of the home-built setup for taking Seebeck measurements. The temperature
gradient was maintained by a set of Peltier devices attached to aluminum heat sinks. The distance
between the sensing locations (6.6 mm) was kept constant across all devices tested. The RTDs were
lowered down onto the film using a probe alignment head, ensuring they were always separated by
the same distance as the electrical contacts.
A home-built LabVIEW program controls the measurement and operates as follows. A
temperature gradient is first established across the device using the two peltier devices. Once the
temperature gradient stabilized, the induced voltage drop across the two electrodes is measured.
Following this, a larger temperature gradient is defined and the process repeated until a satisfactory range
of values can be recorded (thermovoltage vs. temperature differ- ence). The thermovoltages sampled
ranged from 2 ◦C to 9◦C. The data was then fit to a least squares linear regression and the Seebeck
coefficient was determined from the corresponding slope, where all R2 ≥ 0.999 with an example plot
shown in Figure S15.
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Figure S15: Graphical determination of the Seebeck coefficient for a pre-cast 110 nm P3HT film
doped with a 1 mg/mL F4TCNQ solution. Two thermoelectrics (the hot and cold sinks) are powered
to established a temperature difference (∆T). For each temperature difference, the thermovoltage
(∆V ) was measured, allowing a line to be constructed. Using the slope of the line, the Seebeck
coefficient was determined.

169

Figure S16: Seebeck coefficients for pre-cast 110 nm P3HT films doped with 15 nm, 40 nm, and 150
nm of F4TCNQ. The three thicknesses were selected to under-dope, optimally-dope, and over-dope
with respect to the electrical conductivity. Once optimally doing the film with 40 nm of dopant, the
Seebeck coefficient remains constant to higher doping levels.

Seebeck Emperical Power Law Fitting
It has been empirically observed that the Seebeck coefficient follows the proportionality S ∝ σ−1/4.5,6
More, precisely the corresponding power law is defined as:

𝑆=

𝑘𝐵 𝜎 −1/4
( )
𝑒 𝜎𝛼

where S is the Seebeck coefficient, kB is the Boltzmann constant, e is the fundamental unit charge, σ is
the electrical conductivity, and σα is an empirical constant fitted to 1 S/cm. 5 For convenience, the term
kB is represented in the unit of thermopower as 86.17 µV K−1. We plotted the Seebeck coefficient for both
evaporation and solution sequential-doped as a function of the electrical conductivity. The data points
used are from the samples that produced the highest electrical conductivities for each doping method, as
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shown in the main text. As shown in Figure S17 the evaporation and solution sequential-doped films
match the empirical power law well.
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Chapter 5 Poly(3-alkylthiophene)-block-poly(3-alkylseleniohene)s: Conjugated Diblock Co-polymers
with Atypical Self- Assembly Behavior
5.1 Introduction
Self-assembly of block co-polymers (BCPs) is an important bottom-up route to solids with ordered,
nanoscale features.1 The scope of BCP self-assembly is nearly limitless when one considers the range of
polymers, additives, and processing conditions that can be employed, and thus many applications have
been realized for BCP ﬁlms and micelles.2-7 To this end, the self-assembly of amorphous, coil−coil diblock
co-polymers has been comprehensively studied and is relatively well understood. Speciﬁcally, the
of phase separation, morphology, and feature size in bulk amorphous BCPs are known to be dependent
on the overall degree of polymerization (N), the mixing enthalpy, and the volume fraction of each block
(interactions with the substrate must also be considered for BCP thin ﬁlms). 1,8-10 In recent years, eﬀorts
have been made to extend these self-assembly studies to crystalline−coil BCPs where the diﬀerence in
stiﬀness between the blocks and the enthalpic gain from forming liquid-crystalline or crystalline
domains promotes phase separation.11-14 Comparatively few studies exist on the self-assembly of entirely
semicrystalline BCPs,15-17 and this number diminishes further when considering polymers with intrinsic
functionality such as π-conjugated polymers.18-23 The lack of reports in this area is likely due to the limited
monomer scope and conditions for controlled polymerization of π-conjugated polymers as well as
diﬃculties associated with their low solubility. Optoelectronic and charge transport properties are
strongly inﬂuenced by ordering and morphology in these materials,24-30 therefore, a fundamental
understanding of their self-assembly behavior is a valuable tool for their application.
Although the BCP self-assembly approach has long been accepted as an attractive means to
control the morphology and ultimately the performance of π-conjugated polymers, the development of
rational structure−property rules has been a challenge for the aforementioned reasons. Pioneering work
on π-conjugated BCP self-assembly has shown that phase separation in these materials is highly
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dependent on the relative crystallinity of each block 18,31,32 as well as the architecture of the polymer
backbone.33-36 For example, Hashimoto and co-workers reported the synthesis of poly(3-hexylthiophene)block-poly(3-(2-ethyl)hexylthiophene) and demonstrated that phase separation was driven by diﬀerences
in crystallinity between the blocks. 31 Jenekhe and co-workers reported poly(3-butylthiophene)-blockpoly(3-octylthiophene) and also observed phase separation arising from the diﬀerence in lattice
dimensions of the two polythiophene blocks.32 In both examples, low curvature structures were observed
in thin ﬁlms, and the block ratio was not found to signiﬁcantly inﬂuence morphology. However, Segalman
and co-workers found that ordered hexagonal structures could be achieved by conﬁned crystallization of
P3AT domains within an insulating, amorphous block,27 thus highlighting the diﬀerences between doublecrystalline and crystalline−coil polymers in terms of their self-assembly behavior.
Our group has reported the synthesis of poly(3-hexylthiophene)-block-poly(3-hexylselenophene)
(P3HT-b-P3HS) co- polymers and the surprising discovery that these polymers undergo a signiﬁcant
amount of phase separation despite the similar chemical structure and lattice dimensions of the repeating
units.36 It is also notable that this phase separation was observed at relatively low degrees of
polymerization. In a follow up report, we studied the eﬀect of block ratio on phase separation but found
that only low curvature-type structures could be obtained.37 Recently, we found an unexpected
morphology comprising patchy nanoﬁbers from the thin-ﬁlm self-assembly of high-molecular-weight
poly(3-dodecylthiophene)-block-poly(3-dodecylselenophene).38 This ﬁnding indicates that these BCPs are
better mixed at high molecular weight, which is another key distinction from the self-assembly of coil−coil
and crystalline−coil co-polymers.
Here, we will show that the self-assembly of a prototypical class of conjugated BCPs, poly(3alkylthiophene)-block-poly-(3-alkylselenophene) (P3AT-b-P3AS), is extremely dependent on N but in a
somewhat opposing manner than other classes of BCPs. Low N (<35) P3AT-b-P3AS co-polymers form
phase-separated, lamellar structures, whereas medium (50−60) and high N (>80) co-polymers form
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nanoﬁbers with two distinct structures that we will denote as “co-crystallized” and “patchy ﬁbers”,
respectively. Thermal analysis, optical absorption spectroscopy, variable temperature two-dimensional
grazing- incidence wide-angle X-ray scattering (2D GIWAXS), and small-angle X-ray scattering (SAXS) all
provide further structural insight into the diﬀerent morphologies. Although the driving forces for the
diﬀerent morphologies remain unclear, our ﬁndings indicate that this phenomenon may arise from low
chain mobility and high levels of chain entanglement as well as the propensity for thiophene chain folding
at high N.
We further demonstrate that medium N BCP ﬁlms are more mixed than either smaller or larger N
materials, a fact that improves charge mobility of medium N materials in organic thin-ﬁlm transistors
(OTFTs) relative to low and high N BCP ﬁlms. Recently, Lin, Peng, and co-workers have reported that ascast poly(3-butylthiophene)-block-poly(3-hexylselenophene) also contains mixed crystalline domains
which leads to higher charge mobilities in OTFTs versus those which have undergone phase separation
after annealing.39 These ﬁndings corroborate our assertion that charge mobility is dependent on mixing
and indicate that, where possible, molecular weight and, consequently, a degree of phase separation
should be taken into careful consideration in the design of co-polymers for organic electronic applications.
5.2 Results and Discussion
Synthesis of Poly(3-alkylthiophene)-block-poly- (3-alkylselenophenes). Poly(3-dodecylthiophene)block- poly(3-dodecylselenophene) (P3DDT-b-P3DDS) was selected as the primary material for selfassembly studies due to its enhanced solubility and suppressed melting temperature (Tm) relative to the
hexyl-substituted analogues (P3HT-b- P3HS).38,40 To investigate the eﬀect of N on self-assembly, three
diﬀerent P3DDT-b-P3DDS co-polymers were synthesized with approximately 1:1 block ratios (Table S1)
and were studied alongside a fourth, higher N P3DDT-b-P3DDS co- polymer reported in a previous
publication.38 P3AT-b-P3AS co-polymers with diﬀerent hexyl- and dodecyl side chain combinations (P3HTb-P3HS, P3DDT-b-P3HS, and P3HT-b- P3DDS) and approximately 1:1 thiophene-to-selenophene block
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ratios of various molecular weights (Table S1) were also synthesized to probe the eﬀect of alkyl chain
substituents on phase separation. All BCPs were prepared using the same Kumada catalyst-transfer
polycondensation method (Figure S1).19,38 Generally, the order of polymerization was conducted using the
most soluble polymer ﬁrst (P3DDT > P3DDS > P3HT > P3HS) as this gave the lowest dispersity (Đ) samples
by gel permeation chromatography (GPC) (Table S1) (Figures S2−S9). For simplicity, all BCP names
list the thiophene block ﬁrst. It should be noted that we were unable to study the eﬀect of increasing N
above 100 as this approaches the solubility limits of BCPs containing polyselenophene. For P3HT-b-P3HS,
we were unable to isolate polymer by Soxhlet extraction with N > 60 as it became insoluble. Use of an
external Ni(II) initiator ensured that propagation was monodirectional, preventing the triblock co-polymer
forma- tion, and that head-to-head defects (which are known to aﬀect chain conformation) could be
presumed to be located exclusively at the polymer chain ends as the o-tolyl end group prevents catalyst
reinsertion at this terminus.41 A single triplet corresponding to this initial head-to-head defect can be
observed at 2.57 ppm, adjacent to the alkyl chain methylene proton peaks (2.80 and 2.73 ppm for
thiophene and selenophene, respectively), in the 1H NMR spectra (Figures S1 and S10−S17). 41-44 The N of
each block is given using numerical subscripts and was determined by integration of the 1H NMR peaks
corresponding to the aromatic thiophene (6.98 ppm) and aromatic selenophene (7.11 ppm) versus the otolyl end group aliphatic proton peak (2.49 ppm) (Figures S1 and S10−S17). The regioregularity of all
samples was high (>95%) as determined by 1H NMR integration of the methylene proton peaks
corresponding to head-to-tail and head-to-head couplings (Table S1).45
Thin films (~50 nm thick) of the P3AT-b-P3AS copolymers for self-assembly studies were prepared
by spin- coating (1000 rpm, 60 s) the BCPs from chlorobenzenesolutions (7 mg mL−1) which had been
heated to 100 °C for 1h. Films were deposited onto polystyrene sulfonate-coated glass and thermally
annealed at 180 °C for 30 min before allowing them to cool slowly to ambient temperature (23 °C).
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Tapping-mode atomic force microscopy (AFM) measurements were performed directly on these samples
prior to preparation of the ﬁlms for transmission electron microscopy (TEM).

Figure 5.1 Bright-ﬁeld TEM images for low N P3AT-b-P3AS BCPs annealed at 180 °C with diﬀerent side
chain combinations. Mean lamellae widths (Wn) and standard deviations are provided in brackets.
Images correspond to (a) P3HT18-b-P3HS16 (Wn = 8.3 ± 1.3 nm); (b) P3DDT18-b-P3HS16 (Wn = 9.1 ±
1.6 nm); (c) P3HT15-b-P3DDS16 (Wn = 10.3 ± 1.5 nm); and (d) P3DDT13-b-P3DDS17 (Wn = 7.5 ± 1.4
nm). Scale bars are 50 nm.

Thin-Film Self-Assembly of Poly(3-alkylthio-phene)-block-poly(3-alkylselenophenes). Lamellar thin
ﬁlms were observed after thermal annealing (180 °C) for all low N (<35) P3AT-b-P3AS co-polymers (Figure
5.1). The annealing temperature of 180 °C is slightly above the melting temperature of the low N BCPs
(Tm = 150−170 °C) with the exception of P3HT18-b-P3HS16 (Tm = 200 °C) (Figures S18−S25). The contrast
diﬀerence seen in the bright-ﬁeld TEM micrographs can be attributed to diﬀerences in elemental
composition (S-containing regions appear lighter than Se-containing regions) and crystallinity.19 Statistical
analysis of the selenophene lamellae widths (Wn) measured from TEM images indicated that the

183

thiophene and selenophene polymer chains are phase separated in these low N samples (Figure 5.1).
Speciﬁcally, the measured lamellae widths (Wn ≈ 8−10 nm) are commensurate with the estimated contour
length of the polythiophene and polyselenophene blocks (ca. 6 nm when N = 15) which was calculated
from the theoretical contour length of the monomers, (l0 = 0.39 nm).46-48 The variation in lamellae widths
measured from the TEM images could arise from slight diﬀerences in the N of each block in the lowmolecular-weight BCPs.20,49

Figure 5.2 Bright-ﬁeld TEM micrographs and tapping-mode AFM phase images of P3DDT-b-P3DDS
BCP-annealed thin ﬁlms depicting lamellar structures ((a) and (d), N = 30), co-crystallized ﬁbers ((b)
and (e), N = 50), and a patchy ﬁber morphology ((c) and (f), N = 90). Scale bars are 200 nm.

Thin Films of P3DDT-b-P3DDS with Diﬀerent Degrees of Polymerization, N. Increasing N to above
50 appears to cause a transition from ordered, phase-separated lamellae to entangled nanoﬁbers in
P3DDT-b-P3DDS, which can be seen by both TEM and AFM (Error! Reference source not found.). As the
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medium N samples are not fully phase separated (see X-ray data later), it was diﬃcult to observe
signiﬁcant electron contrast in the TEM images. However, the AFM phase images show a transition from
aligned lamellae in the low N samples to entangled ﬁbers in the medium and high N samples (Error!
Reference source not found. and S26−S32). Theoretical studies on polyselenophenes and our own
previous eﬀorts have shown that, unlike polythiophenes, these polymers do not chain fold readily in thin
ﬁlms, even at high degrees of polymerization (N > 50) as the selenophene chains have more quinoidal
character.38,48 Therefore, the nanoﬁbers observed in high N polymer ﬁlms likely comprise chainextended selenophene chains with folded thiophene chains which are arranged perpendicular to the ﬁber
lengths. Further evidence for a morphology comprising chain- extended selenophene segments can be
seen in the optical absorption spectra of P3DDT-b-P3DDS thin ﬁlms in which the 0−0 vibronic band at 690
nm associated with planarization of the selenophene block intensiﬁes with increasing N (Figure S33). 38,50
The same transition from lamellae to ﬁbers is also clear in the AFM images of P3HT-b-P3HS BCP ﬁlms
(Figures S26−S27) where ordered lamellae and entangled ﬁbers were observed at low N (35) and
medium N (60), respectively; however, the scope of this study was limited by the lower solubility of this
BCP relative to the dodecyl-substituted sample.
Surprisingly, nanoﬁbers are observed in high N (>80) P3DDT-b-P3HS co-polymers even where the
alkyl chain substituents are diﬀerent (Figure S43), despite exhibiting multiple phase transitions by
diﬀerential scanning calorimetry (DSC) (Figures S20 and S21). This behavior is unusual as diﬀerences in
rigidity, solubility, and crystallization behavior (i.e., crystallization kinetics and lattice dimensions)
between the thiophene and selenophene blocks should be greater in BCPs with asymmetric alkyl chains,
leading to phase separation. Indeed, phase separation has been observed in all-poly(3-alkylthiophene)
BCPs where the alkyl chains of each block diﬀer by greater than two carbons in length.18,20 Our ﬁndings
indicate that morphology is highly dependent on N for all P3AT-b-P3AS co-polymers which may be an
eﬀect of reduced chain mobility and chain-folding in higher N samples (see Section 2.10 below). This is
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consistent with a previous study from our group in which higher degrees of phase separation were noted
in thin ﬁlms of low-molecular-weight P3HT-b-P3HS co-polymers.51

Figure 5.3 DSC data showing (a) heating endotherm and (b) cooling exotherm curves (thermal ramp =
10 °C min−1) for P3DDT-b-P3DDS with various N values (from bottom to top: N = 30, 50, 80, and 90).
For all samples, second cycles are presented to account for thermal history eﬀects. (c) shows the
relationship between N and ΔT for P3DDT-b-P3DDS.

Thermal Properties of Poly(3-alkylthiophene)- block-poly(3-alkylselenophenes). The DSC data
supports a model where P3DDT-b-P3DDS comprises mixed phases at high N (Figure 5.3). Increasing N
aﬀects morphology in P3HT homopolymer ﬁlms due to chain entanglement in the melt as well as a greater
energetic propensity to chain fold above the polymer persistence length. 49,52-54 To probe entanglement
eﬀects for the BCPs, we plotted supercooling (ΔT = Tm − Tc), which was measured by DSC, against N for
the P3DDT-b-P3DDS co-polymers (Figure 5.3c). Initially, ΔT increases with N, which supports the idea that
the polymer chains are potentially more extended in the melt for low N (<35) P3DDT-b-P3DDS samples
and become entangled in the melt in medium and high N (>50) P3DDT-b-P3DDS samples which impedes
crystallization and may lead to kinetic traps in the obtained morphologies.53 Interestingly, the trend is not
monotonic, as our higher N P3DDT-b-P3DDS co-polymer (N≈ 90),38 which forms patchy nanoﬁbers in
annealed thin ﬁlms, crystallized more rapidly than the intermediate N (∼50 and∼80) samples. This
could be indicative that there are morphological changes from a co-crystallized ﬁber morphology to
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the patchy ﬁbers associated with increasing N further.38,43 We were unable to study the eﬀect of increasing
N above 100 as this approaches the solubility limits of BCPs containing polyselenophene.
It should be noted that the phase transitions between 50 and 90 °C correspond to melting and
recrystallization of the long dodecyl side chains.40 For all P3AT-b-P3AS BCPs, increasing N raises the Tm
(Figure 5.3 and S18−S25). Therefore, the diﬀerence between Tm and annealing temperature may also
aﬀect chain mobility in the melt and, consequently, self- assembly. Therefore, we investigated the eﬀect
of oﬀset between the annealing temperature and Tm in low N P3HT15-b-P3DDS16 ﬁlms by TEM and found
that the morphology does not change but the degree of long-range order improves with increasing
annealing temperature (Figure S44). We also tried annealing P3DDT22-b-P3DDS28 for a longer time (18
h); however, no further changes in morphology were observed by TEM after this time (Figure S45).
X-ray Studies on Poly(3-alkylthiophene)-block- poly(3-alkylselenophenes). The underlying
diﬀerences in phase separation and crystallinity between the diﬀerent morphologies were investigated
using 2D GIWAXS with ﬁlms both as-cast and annealed at 180 °C. P3DDT and P3DDS homopolymer (N =
50) thin ﬁlms were studied ﬁrst, to determine the structural characteristics of each polymer (Figure S46).
P3DDT homopolymers possess two distinct lamellar spacings (Figures S46a and 4c−f), with lamellar
distances of 26.2 and 24.3 Å, respectively. This supports the presence of two distinct semicrystalline
microstructures observed as double peaks in the melting transitions by DSC (Figure 5.3a). Higher order
peaks can only be observed for the larger d-spacing phase (26.2 Å) (Figures S46b and 4d,f), suggesting that
the 24.3 Å reﬂection corresponds to a lamellar stacking with poor long-range order.
The P3DDS homopolymer also possesses two distinct reﬂections (100) corresponding to lamellar
distances of 24.4 and 22.6 Å (Figures S46c,d and 4c−f). Like P3DDT, only the (100) peak at larger d-spacing
exhibits higher order overtones. P3DDS also has an additional lamellar or (100) peak at 0.32 Å−1 or 19.6
Å with very intense overtones. These peaks correspond to a second (type-II) polymorph of P3DDS which
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has more fully interdigitated side chains and thus a much tighter lamellar packing (Figure S46c,d).50 This
third lamellar peak can also be used as a signature for the P3DDS homopolymer. However, the type-II
polymorph is kinetically trapped and is fully converted to the type-I polymorph after thermal annealing.
It thus can only be observed in ﬁlms prior to annealing (Figures S46d and 4a,b).50 In addition, the relative
size of selenium and sulfur causes the main π-stacking or (010) distance of P3DDS to be 0.1 Å larger than
that of P3DDT (Figure S46f).
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Figure 5.4 (a) and (b) show integrated diﬀraction patterns in two diﬀerent q-ranges from 2D GIWAXS
for P3DDT-b-P3DDS BCPs with various N values, both pre- and post-annealing. Lamellar indexing is
shown on the ﬁgure. Crystallinity dramatically increases upon annealing, and the type-II phase with a
smaller lattice constant disappears. (c) and (d) show the same lamellar peaks for annealed thin ﬁlms
of medium N (50−60) P3DDT- b-P3DDS (red), this time plotted with the two homopolymers (P3DDT in
black and P3DDS in gray). The co-polymer data appears to be an average of the homopolymer peaks.
(e) and (f) show annealed diﬀraction patterns obtained on the high N (>80) P3DDT-b-P3DDS copolymer in blue and the low N (<35) co-polymer in green, again plotted with the homopolymers (same
coloring as (c) and (d)).
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GIWAXS of Low N P3DDT-b-P3DDS BCP Thin Films. The P3DDT-b-P3DDS BCP diﬀraction patterns
contain peaks at approximately 24 Å as well as peaks unique to P3DDT and P3DDS at 26.2 and 22.6 Å,
respectively (Figure 5.4) Therefore, these unique peaks can be used to identify S- and Se-rich domains in
the BCP ﬁlms. From variable temperature in situ GIWAXS patterns, it is apparent that the ﬁrst Tm at
approximately 90 °C in the DSC curve for low N P3DDT-b-P3DDS corresponds to the melting of the type-II
polymorphs, which have shorter lamellar distances. This is corroborated by the disappearance of this peak
after heating to 95 °C and cooling to ambient temperature (23 °C) (Figure S47a). The peak corresponding
to the type-II polymorph is less apparent in the GIWAXS patterns of medium and high N ﬁlms (Figure S47);
however, the broad peaks in unannealed ﬁlms shift to lower q values on heating. These ﬁndings are
consistent with the type-II polymorph being prevalent in low- molecular-weight polyselenophenes which
is readily converted to the type-I polymorph on annealing.50
The annealed low N P3DDT-b-P3DDS BCP diﬀraction patterns show two distinct (100) peaks,
corresponding to lamellar stacking distances of 24.6 and 22.9 Å (Figure 5.4a,e), which are assigned to the
(100) reﬂections in type-I P3DDS. This is indicative of P3DDS-rich domains in the annealed low N copolymer ﬁlms. The lamellar overtones for the low N co- polymer (Figure 5.4f) are similarly dominated by
P3DDS-like peaks after annealing. The fact that only P3DDS peaks are observed is likely due to the
scattering power of the high-Z selenophene, which means that diﬀraction from pure P3DDT domains
would be dwarfed in comparison. It is also possible that the thiophene domains are somewhat less
ordered in the co-polymer ﬁlms. Similar large diﬀerences in scattering intensity are observed for pure
P3DDS compared to pure P3DDT, although they are not obvious in the normalized diﬀraction patterns
presented in Figure 5.4. Despite the fact that the diﬀraction looks much more similar to the P3DDS
homopolymer, the results suggest phase-separated domains with more scattering from the higher Z
selenophene block.
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GIWAXS of Medium N P3DDT-b-P3DDS BCP Thin Films. The medium N (50) co-polymer has a main
lamellar peak at 0.25 Å−1 (Figure 5.4a,c), which corresponds to a lamellar spacing of 25.1 Å. This value
falls directly between the main diﬀraction peaks of P3DDS and P3DDT. This peak location is corroborated
by the peak locations of the overtones (Figure 5.4d). Although the low N co-polymer ﬁlms have peaks
matching those of the selenophene homopolymers, indicative of phase-separated domains, the medium
N sample appears to be fully mixed, with a lamellar spacing that is intermediate to the two homopolymer
spacings. These results suggest that the medium N (50) sample is more co-crystallized than the low N BCP
lamellar ﬁlms. This hypothesis is further reinforced by considering the peak positions of the (010)
diﬀraction peak of each diblock co-polymer relative to the homopolymer (010) peaks (Figure S46f). At
medium N (50), the (010) peak also appears halfway between each of the homopolymer (010) peaks,
further supporting a model where co-crystallization occurs at medium N. In contrast, the low N (30) BCP
has a (010) peak position closer to that of P3DDS.
GIWAXS of High N P3DDT-b-P3DDS BCP Thin Films. The annealed high N (80) P3DDT-b-P3DDS BCP
diﬀraction pattern possesses two distinct (100) peaks, corresponding to lamellar stacking distances of 24.6
and 22.9 Å (Figure 5.4a). As with the low N samples, these peaks are very similar to those of the P3DDS
homopolymer. As previously mentioned, the presence of only a P3DDS-like peak, rather than two distinct
peaks, is expected in a phase-separated polymer based on the relative scattering intensity observed for
P3DDS compared to P3DDT, although increased disorder in the P3DDT domains is also possible. This
suggests that the high N block co-polymer ﬁlms also undergo signiﬁcant phase separation on annealing.
This nonmonotonic trend with molecular weight is not observed with amorphous polymers, as discussed
above, and is thus likely due to the unique energetic constraints of co-crystallization.
SAXS of Bulk P3DDT-b-P3DDS BCPs. Phase separation occurs during crystallization as opposed to
classical coil−coil BCP phase behavior described by the Flory−Huggins theory.1,8,9 The lamellar and
nanoﬁber morphologies can also be seen in combined small-angle X-ray scattering measure- ments
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conducted on bulk samples of the P3DDT-b-P3DDS BCPs before and after annealing at 180 °C (Figure 5.5).
The low q peak at 0.049 Å−1, corresponding to a periodicity (Lp) of 12.8 nm, remains in the low N
diﬀraction pattern after annealing (Figure 5.5) but disappears after annealing in the medium and high N
patterns (Figure 5.5). This periodicity is assigned to the interface between crystalline and amorphous
domains in similar semicrystalline polymers. 42 However, as this peak is not observed in the medium and
higher N samples, in this case, it likely corresponds to alternating selenophene- and thiophene-rich
domains (dSe + dTh = Lp). As can be seen in both the (100) peak appearing at lower q and the lack of
overtones in the bulk sample, the powder BCPs are less ordered than the thin ﬁlms (Figure 5.4 andFigure
5.5 and S49). These results indicate that the order required to distinguish between the subtle diﬀerences
in the crystal structures of P3DDT, P3DDS, and the co-crystallized phase is not present in the bulk powders.
From in situ, variable temperature measurements, it is evident that there is no microphase separation in
the melt of the BCPs (Figure S50).

Figure 5.5 SAXS scattering patterns for P3DDT-b-P3DDS BCPs of low (30), medium (50), high (80), and
very high N (90) (top-to- bottom) before (black) and after (red) annealing at 180 °C.
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Discussion of Self-Assembly Behavior. For amorphous BCPs, increasing N promotes phase
separation as described by the Flory−Huggins theory.1,8,9 This has also been shown for double-crystalline
block co-polymers which phase separate in the melt but also carry blocks with diﬀerent crystallization
motifs.55 In contrast, we have observed that semicrystalline P3AT-b-P3AS co-polymers phase separate
into lamellar ﬁlms at relatively low N, and increasing N to ∼50 promotes mixing or co-crystallization into
nanoﬁbers. For all of the polymers, no melt morphology can be observed in the variable temperature
SAXS, and thus any phase separation must occur during crystallization. By SAXS, the low N sample is the
only block co-polymer that shows clean phase separation after cooling as indicated by the peak at 0.049
Å−1: no such peak is observed for the higher N polymers after annealing. The reduced mobility of the
medium and high N polymers may prevent full phase separation from occurring, leading to the observed
mixed and partially mixed morphologies. This hypothesis is reinforced by the thermal data, which shows
increasing chain entanglement with increasing N to 50. Increasing N further (>80) leads to partial phase
separation within these ﬁbers yielding the patchy ﬁber morphology.

Figure 5.6 Proposed model for self-assembly into phase-separated lamellae, co-crystallized ﬁbers, or
patchy ﬁbers.
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These diﬀerent structures are shown schematically in Figure 5.6. The recurrence of phase
separation at high N could be attributed to the presence of more chain folds per block, which facilitates
intrachain crystallization as well as increased enthalpy of mixing at high N, both of which should promote
phase separation within the ﬁbers, as described by classical phase separation theory. 1,8,9,38 Chain folding
minimizes free energy in high-molecular-weight samples as the enthalpy penalty for chain folding is
compensated for by the enthalpy gain from additional intramolecular crystallization and a small entropy
gain of mixing.52,54 This enthalpy trade-oﬀ could also drive the formation of ﬁbers, rather than phaseseparated lamellae at high N in these double-crystalline BCPs.
Performance in Organic Thin-Film Transistors. For P3HT homopolymers, charge mobility has been
shown to be enhanced in high-molecular-weight samples as a con- sequence of chain folding and lessdeﬁned phase bounda- ries.24,53 To test this for symmetrically substituted P3AT-b- P3AS co-polymers
(P3HT-b-P3HS and P3DDT-b-P3DDS), we prepared a series of organic thin-ﬁlm transistors (OTFTs), which
were tested as cast (samples were heated to 50 °C in 1,1,2-trichloroethane prior to spin-coating) and after
annealing at 100 and 150 °C (Figure 5.7). The medium N polymers (50−60) performed signiﬁcantly better
than those with low N (<35) or high N (>80); exhibiting hole mobilities as high as 1.2 × 10−2 cm2 V−1 s−1
and ON/OFF current ratios up to 105 (Figure 5.7; Tables S2 and S51−S65). This suggests that the cocrystallized morphology with the highest degree of mixing is the best for OTFTs. Decreased mobility in
high N (>80) samples may also be due to the relative insolubility of these BCPs, which leads to poorer
quality ﬁlms. Phase separation in the lowest N BCPs causes a decrease in bulk mobility, possibly due to
charge trapping at the thiophene−selenophene interfaces, as well as the shorter conjugation pathway of
the BCP.56 Similar observations have been made in benzothiadia- zole−cyclopentadithiophene co-polymer
OTFTs, where dis- order and mixing of the chemical motifs lead to favorable charge carrier mobilities.5757
Notably, these results diﬀer from reports of crystalline−coil and other crystalline−crystalline P3HT BCPs
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with nonconjugated co-blocks, where phase separation into lamellar architectures enhances charge
mobility by ordering of the P3HT block within an insulating matrix.23,58

Figure 5.7 Dependence of OTFT hole mobility (averaged over ﬁve devices for each annealing
temperature) on annealing temperature (50, 100, and 150 °C) for symmetrically substituted P3AT-bP3AS BCPs: P3HT-b-P3HS (green and purple); P3DDT-b-P3DDS (black, blue, and red). Full device
fabrication details can be found in the Supporting Information.

5.3 Conclusions
We have discovered that when the block ratios are approximately 1:1, double-semicrystalline
P3DDT-b-P3DDS BCPs can form three diﬀerent morphologies in thin ﬁlms: phase separated lamellar, cocrystallized ﬁbers, and patchy ﬁbers, over a relatively short range of N values (30−90). Moreover, it
appears that all conjugated P3AT-b-P3AS BCPs behave in a similar manner, although, detailed studies into
this trend were limited by the relative insolubility of the hexyl- substituted polymers. This is contrary to
amorphous BCP self- assembly, where the propensity to phase separate increases monotonically with
increasing N. These ﬁndings emphasize the contrast between amorphous and semicrystalline BCP selfassembly. Importantly, phase separation in the low and high N BCP thin ﬁlms hinders charge transport in
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OTFTs, and co- crystallization of the thiophene and selenophene blocks in medium N BCPs increases hole
mobility.
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5.4 Supplementary Information
General Considerations
All reagents were used as received unless otherwise stated. 2,5-Dibromo-3-hexylselenophene,(1) 2,5dibromo-3-dodecylselenophene,(2) and 2,5-dibromo-3-dodecylthiophene(2) were synthesized using
previously reported methods. 2,5-Dibromo-3-hexylthiophene and isopropylmagnesium chloride (2.0 M in
THF) were purchased from Sigma-Aldrich and used as received. Cis- [dppe]Ni(2-MePh)Cl was synthesized
using a literature method reported by Jamison and coworkers. (3) THF was dried using an Innovative
Technologies solvent purification system. All reactions were carried out under argon using a Schlenk line
unless otherwise stated. Experimental methods and characterization data for the highest molecular
weight P3DDT45-b-P3DDS47 copolymer (where subscripts denote N for each block) can be found in a
previous publication.(2)
Instrumentation
1H-NMR spectra were obtained on a

Varian Mercury 400 (400 MHz) spectrometer (128 scans, 5 s pulse

delay). GPC measurements were conducted at 140 °C at a flow rate of 1 mL/min with a 1,2,4trichlorobenzene eluent stabilized with butylated hydroxytoluene on a Viscotek HT-GPC Module 350A
system calibrated with polystyrene standards equipped with a UV detector operating at 460 nm.
Absorption spectra of the thin films were obtained using a Varian Cary 5000 spectrophotometer using
a PSS-coated glass slide reference. Differential scanning calorimetry (DSC) was performed at 10 °C/min
on 4-5 mg of polymer in aluminum hemetic pans on a TA instruments Q100 DSC. Bright-field
transmission electron microscopy (TEM) imaging was performed on a Zeiss Leo 912B microscope
operating in bright-field mode at 120 kV. Samples for TEM were prepared by floating the annealed
polymer films from PSS-coated glass and collecting the film onto holey carbon grids which were
purchased from Ted Pella. Statistical analysis was carried out 150-200 measurements traced on TEM
images using ImageJ open source image processing software. Atomic force microscopy (AFM) imaging
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was carried out in tapping-mode using a 10 nm tip on a Bruker Dimension Icon microscope.
2D grazing incidence wide angle X-ray scattering (GIWAXS) experiments were performed on thin
films at the Stanford Synchrotron Radiation Lightsource on beamline 11-3 using a wavelength of 0.9742
Å with an incidence angle of 0.12°. The diffractograms were radially integrated from 0- 180° to obtain
the diffraction patterns. The 2D images were collected on a plate with the detector 250 mm away from
the center of the measured sample. The beam spot had a width of ∼150 µm and a helium chamber was
used to reduce the noise. The software package WxDiff was used to reduce the GIWAXS data and
subsequent analysis was performed in IgorPro. All substrates were cleaned by sequentially sonicating
in soapy water, DI water, acetone, and isopropanol for 5-10 minutes each, then placed under rough
vacuum to remove all traces of residual solvent, and finally transferred into a nitrogen glove box for use.
The films were cast from 1,2-dichlorobenzene solutions at a concentration of ~20 mg/mL and spin cast
at 1160 rpm for 20 seconds, then 3000 rpm for 1 second. This allowed for even distribution of the
polymer on the substrate and removal of excess solution while leaving the film still wet.
Combined SAXS and WAXS measurements of the bulk material were simultaneously carried out
at the SAXS beamline of the Australian Synchrotron using a Pilatus 1M (SAXS) and a Pilatus 200k (WAXS)
detector and a beam energy of 11 keV. The samples were loaded and compressed as a powder into
little holes (0.8 mm) of 1 mm thick aluminum discs, which served as support for these ‘free-standing’
samples. The temperature profiles were run with the help of a nitrogen purged Linkam hotstage which
was equipped with Kapton windows.
Experimental
Poly(3-hexylthiophene)-block-Poly(3-hexylselenophene) (P3HT18-b-P3HS16)
Isopropylmagnesium chloride (180 μL, 0.36 mmol, 2.0 M in THF) was added dropwise to a rapidly stirring
solution of 2,5-dibromo-3-hexylthiophene (130 mg, 0.40 mmol) in THF (4.0 mL, 0.1 M) in a 25 mL
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Schlenk flask. Isopropylmagnesium chloride (180 μL, 0.36 mmol, 2.0 M in THF) was added dropwise to
a rapidly 2,5-dibromo-3-hexylselenophene (150 mg, 0.40 mmol) in THF (4.0 mL, 0.1 M) in a separate 25
mL Schlenk flask. The reaction mixtures were stirred for 1 h before addition of a solution of cis[dppe]Ni(2-MePh)Cl (12.0 mg, 0.02 mmol, 5.7 mol %) in THF (1.0 mL) to the rapidy stirring thiophene
reaction mixture. Polymerization, marked by a solution color change from pale yellow to bright orange,
was allowed to proceed before addition of the selenophene monomer solution via syringe. The
polymerization was continued for a further 30 mins and was accompanied by a color change from
orange to dark red. The reaction mixture was quenched with 5 % HCl (v/v) and precipitated into MeOH.
The resulting purple solid was purified by Soxhlet extractions in MeOH and hexanes before extraction
with CHCl3. The block copolymer (96 mg, 70 % yield) was isolated by removal of solvent in vacuo. 1HNMR (CDCl3; 400 MHz) δ= 7.11 (s, 0.9 H), 6.98 (s, 1.0 H), 2.80 (t, 2.0 H, J = 8 Hz), 2.73 (t, 1.8 H, J = 8
Hz), 2.49 (s, 0.2H), 1.71-1.69 (m, 3.8 H), 1.43-1.35 (m, 15.2 H), 0.91 (m, 5.7 H) ppm. Ð = 1.17 (GPC). Mn =
6400 g mol-1 (as determined by NMR integration).
Poly(3-hexylthiophene)-block-Poly(3-hexylselenophene) (P3HT27-b-P3HS35)
2,5 dibromo-3-hexylthiophene (150 mg, 0.46 mmol); THF (4.6 mL, 0.1 M); iPrMgCl (220 μL,0.44
mmol, 2.0 M in THF). 2,5-dibromo-3-hexylselenophene (172 mg, 0.46 mmol); THF (4.6 mL, 0.1 M); iPrMgCl
(220 μL, 0.44 mmol 2.0 M in THF). cis-[dppe]Ni(2-MePh)Cl (10.2 mg, 0.02 mmol, 3.9 mol %) in THF (1.0
mL). Yield = 55 mg, 33 %. Note: ca. 100 mg of this material was insoluble in THF and remained in the
Soxhlet thimble. 1H-NMR (CDCl3; 400 MHz) δ = 7.11 (s, 1.0 H), 6.98 (s, 0.8 H), 2.80 (t, 1.5 H, J = 8 Hz), 2.73
(t, 2.0 H, J = 8 Hz), 2.49 (s, 0.1 H), 1.71-1.69 (m, 3.5 H), 1.43-1.35 (m, 14.2 H), 0.91 (m, 5.3 H) ppm. Ð = 1.18
(GPC). Mn = 11950 g mol-1 (as determined by NMR integration).
Poly(3-hexylthiophene)-block-Poly(3-dodecylselenophene) (P3HT15-b-P3DDS16)
2,5-dibromo-3-dodecylselenophene (150 mg, 0.33 mmol); THF (3.3 mL, 0.1 M); iPrMgCl (160 μL, 0.32
mmol, 2.0 M in THF). 2,5-dibromo-3-hexylthiophene (107 mg, 0.33 mmol); THF (3.3 mL, 0.1 M); iPrMgCl
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(160 μL, 0.32 mmol 2.0 M in THF). cis-[dppe]Ni(2-MePh)Cl (7.2 mg, 0.01 mmol, 3.9 mol %) in THF (1.0 mL).
Yield = 91 mg, 61 %. 1H-NMR (CDCl3; 400 MHz) δ = 7.11 (s, 1.0 H), 6.98 (s, 0.9 H), 2.80 (t, 1.8 H, J = 8 Hz),
2.73 (t, 2.0 H, J = 8 Hz), 2.49 (s, 0.2 H), 1.71- 1.69 (m, 3.9 H), 1.43-1.35 (m, 38.6 H), 0.91 (m, 5.8 H) ppm. Ð
= 1.21 (GPC). Mn = 7250 g mol-1 (as determined by NMR integration).
Poly(3-hexylthiophene)-block-Poly(3-dodecylselenophene) (P3HT41-b-P3DDS53)
2,5-dibromo-3-dodecylselenophene (150 mg, 0.33 mmol); THF (3.3 mL, 0.1 M); iPrMgCl (160 μL, 0.32
mmol, 2.0 M in THF). 2,5-dibromo-3-hexylthiophene (108 mg, 0.33 mmol); THF (3.3 mL, 0.1 M); iPrMgCl
(160 μL, 0.32 mmol 2.0 M in THF). cis-[dppe]Ni(2-MePh)Cl (3.7 mg, 0.006 mmol, 2.0 mol %) in THF (1.0 mL).
Yield = 107 mg, 72 %. 1H-NMR (CDCl3; 400 MHz) δ = 7.11 (s, 1.0 H), 6.98 (s, 0.8 H), 2.80 (t, 1.6 H, J = 8 Hz),
2.73 (t, 2.0 H, J = 8 Hz), 2.49 (s, 0.1 H), 1.71- 1.69 (m, 3.6 H), 1.43-1.35 (m, 26.2 H), 0.91 (m, 5.3 H) ppm. Ð
= 1.26 (GPC). Mn = 22580 g mol-1 (as determined by NMR integration).
Poly(3-dodecylthiophene)-block-Poly(3-hexylselenophene) (P3DDT18-b-P3HS16)
2,5-dibromo-3-dodecylthiophene (150 mg, 0.37 mmol); THF (3.7 mL, 0.1 M); iPrMgCl (180 μL, 0.36 mmol,
2.0 M in THF). 2,5-dibromo-3-hexylselenophene (136 mg, 0.37 mmol); THF (3.7 mL, 0.1 M); iPrMgCl (180
μL, 0.36 mmol 2.0 M in THF). cis-[dppe]Ni(2-MePh)Cl (12.0 mg, 0.02 mmol, 5.7 mol %) in THF (1.0 mL).
Yield = 120 mg, 72 %. 1H-NMR (CDCl3; 400 MHz) δ = 7.11 (s, 0.9 H), 6.98 (s, 1.0 H), 2.80 (t, 2.0 H, J = 8 Hz),
2.73 (t, 1.8 H, J = 8 Hz), 2.49 (s, 0.2 H), 1.71- 1.69 (m, 3.8 H), 1.43-1.35 (m, 27.1 H), 0.91 (m, 5.7 H) ppm. Ð
= 1.14 (GPC). Mn = 7920 g mol-1 (as determined by NMR integration).
Poly(3-dodecylthiophene)-block-Poly(3-dodecylselenophene) (P3DDT13-b-P3DDS17)
2,5-dibromo-3-dodecylthiophene (150 mg, 0.37 mmol); THF (3.7 mL, 0.1 M); iPrMgCl (180 μL, 0.36 mmol,
2.0 M in THF). 2,5-dibromo-3-dodecylselenophene (169 mg, 0.37 mmol); THF (3.7 mL, 0.1 M); iPrMgCl (180
μL, 0.36 mmol 2.0 M in THF). cis-[dppe]Ni(2-MePh)Cl (12.0 mg, 0.02 mmol, 5.7 mol %) in THF (1.0 mL). Yield
= 115 mg, 58 %. 1H-NMR (CDCl3; 400 MHz) δ = 7.11 (s, 1.0 H), 6.98 (s, 0.8 H), 2.80 (t, 1.6 H, J = 8 Hz), 2.73
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(t, 2.0 H, J = 8 Hz), 2.49 (s, 0.2 H), 1.71- 1.69 (m, 3.6 H), 1.43-1.35 (m, 35.3 H), 0.91 (m, 5.3 H) ppm. Ð = 1.12
(GPC). Mn = 8310 g mol-1 (as determined by NMR integration).
Poly(3-dodecylthiophene)-block-Poly(3-dodecylselenophene) (P3DDT28-b-P3DDS22)
2,5-dibromo-3-dodecylselenophene (150 mg, 0.33 mmol); THF (3.3 mL, 0.1 M); iPrMgCl (160 μL, 0.32
mmol, 2.0 M in THF). 2,5-dibromo-3-dodecylthiophene (135 mg, 0.33 mmol); THF (3.3 mL, 0.1 M); iPrMgCl
(160 μL, 0.32 mmol 2.0 M in THF). cis-[dppe]Ni(2-MePh)Cl (7.5 mg, 0.01 mmol, 4.0 mol %) in THF (1.0 mL).
Yield = 119 mg, 68 %. 1H-NMR (CDCl3; 400 MHz) δ = 7.11 (s, 0.8 H), 6.98 (s, 1.0 H), 2.80 (t, 2.0 H, J = 8 Hz),
2.73 (t, 1.6 H, J = 8 Hz), 2.49 (s, 0.1 H), 1.71- 1.69 (m, 3.6 H), 1.43-1.35 (m, 35.7 H), 0.91 (m, 5.4 H) ppm. Ð
= 1.27 (GPC). Mn = 13550 g mol-1 (as determined by NMR integration).
Poly(3-dodecylthiophene)-block-Poly(3-dodecylselenophene) (P3DDT43-b-P3DDS39)
2,5-dibromo-3-dodecylthiophene (135 mg, 0.33 mmol); THF (3.3 mL, 0.1 M); iPrMgCl (160 μL, 0.32 mmol,
2.0 M in THF). 2,5-dibromo-3-dodecylselenophene (150 mg, 0.33 mmol); THF (3.3 mL, 0.1 M); iPrMgCl (160
μL, 0.32 mmol 2.0 M in THF). cis-[dppe]Ni(2-MePh)Cl (3.7 mg, 0.006 mmol, 2.0 mol %) in THF (1.0 mL). Yield
= 141 mg, 80 %. 1H-NMR (CDCl3; 400 MHz) δ = 7.11 (s, 0.9 H), 6.98 (s, 1.0 H), 2.80 (t, 2.0 H, J = 8 Hz), 2.73
(t, 1.8 H, J = 8 Hz), 2.49 (s, 0.1 H), 1.71- 1.69 (m, 3.8 H), 1.43-1.35 (m, 38.5 H), 0.91 (m, 5.7 H) ppm. Ð = 1.29
(GPC). Mn = 22110 g mol-1 (as determined by NMR integration).
Thin Film Preparation
Thin films were prepared by spin-coating (1000 rpm, 60 s) the BCPs from chlorobenzene (6-8 mg/mL)
onto polystyrene sulfonate-coated glass and thermally annealing the samples at 180 °C for 30 mins
before allowing them to cool slowly to ambient temperature (23 °C) as detailed in our previous
publications.[2,4]
Fabrication of Characterization of Organic Thin Film Transistors (OTFTs)
A bottom-gate bottom-contact (BGBC) configuration was used for all the OTFT devices. An n++doped SiO2/Si wafer with a 300 nm thick SiO2 dielectric layer was patterned with gold source and drain
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pairs by conventional photolithography and thermal deposition techniques. The wafers were sonicated in
acetone for 20 min, followed by sonication in isopropanol for 20 min. The wafers were dried with a
nitrogen gas flow before being placed in an O2 plasma chamber and exposed to O2 plasma for 2 min. At
the end of plasma treatment, the wafers were submerged in pure ethanol for 1 h, followed by ethanol
rinsing and subsequent submersion in pure chloroform for 1 h. The wafers were rinsed briefly with
chloroform and dried with a nitrogen gas flow before being submerged in a 10 mM solution of octanethiol
in ethanol for 10 min. The wafers were then rinsed with ethanol followed by deionized water.
Subsequently, the wafers were submerged for 1 min in 100 mL of water to which 4 drops of a solution of
HNO3:HCl:H2O (1:10:10 v/v/v) were added. The wafers were then removed from solution and rinsed with
deionized water and dried with a nitrogen gas flow. The wafers were dried on a hot plate at 120 °C before
they were submerged for 20 min in 20 mL toluene containing 7 drops of dodecyltrichlorosilane (DDTS).
Next, the wafers were submerged in toluene for 1 min and rinsed with toluene before drying with a
nitrogen gas flow.
Next, a pre-dissolved polymer hot solution in 1,1,2-trichloroethane (TCE) or chloroform was spincoated on a DDTS-modified substrate with source/drain electrode pairs at 5000 rpm (Note 1: the high
molecular weight P3DDT43-b-P3DDS39 solution was spin-coated at 6000 rpm to yield a smooth film) for 60s
to form uniform thin-films. The films were placed for 30 min on a hotplate set to 50 °C to remove residual
solvent. The devices were then measured as is (as cast) or after annealing at 100 or 150 °C for 10 min in
the same glovebox before being tested in the glovebox in the dark under an argon atmosphere using an
Agilent B2912A source/measure unit. Five devices were tested for each polymer. The mobility () values in
the saturated regime were reported, which were calculated using following equation:
𝑊𝐶𝑖
𝐼𝐷𝑆 = (
)𝜇(𝑉𝐺 − 𝑉𝑡ℎ )2
2𝐿
where IDS is the drain-source current, Ci is the capacitance per unit area of the dielectric (11.6 nF cm-2),
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W (1000 m) and L (33 m) are OTFT channel width and length, VG is the gate voltage, and Vth is the
threshold voltage.
Supplementary Figures

Figure S1. Representative synthesis and characterization of P3AT-b-P3AS BCPs. a) General synthetic
scheme. 1H-NMR depicting determination of N by integration of b) thiophene (6.98 ppm) and
selenophene (7.11 ppm) aromatic peaks and c) o-tolyl end group aliphatic proton peak (2.49 ppm)
and the alkyl chain methylene proton peaks for thiophene (2.80 ppm) and selenophene (2.73 ppm).
d) Representative GPC elution curve (UV response; 1 mL/min in 1,2,4-trichlorobenzene at 140 °C).
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Table S1. Summary of poly(3-alkylthiophene)-block-poly(3-alkylselenophene) copolymers
synthesized

[a] P3HT is poly(3-hexylthiophene); P3DDT is poly(3-dodecylthiophene); P3HS is poly(3hexylselenophene); P3DDS is poly(3-dodecylselenophene). -b- denotes block. [b] Mn is the number
average degree of polymerization. [c] Ð is the polydispersity index determined by GPC. [d] Th:Se
(thiophene:selenophene) is the degree of polymerization (N) of each block. [e] Percentage
regioregularity as estimated from 1H-NMR integration of the head-to-head methylene proton peak
at 2.57 ppm. [f] Experimental data for this polymer can be found in a previous publication. [2]
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Figure S2. GPC (UV response) of P3HT18-b-P3HS16 eluted at 1.0 mL/min in 1,2,4- trichlorobenzene at
140 °C.

Figure S3. GPC (UV response) of P3HT27-b-P3HS35 eluted at 1.0 mL/min in 1,2,4- trichlorobenzene at
140 °C.
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Figure S3. GPC (UV response) of P3HT15-b-P3DDS16 eluted at 1.0 mL/min in 1,2,4- trichlorobenzene
at 140 °C.

Figure S4. GPC (UV response) of P3HT15-b-P3DDS16 eluted at 1.0 mL/min in 1,2,4- trichlorobenzene
at 140 °C.
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Figure S5. GPC (UV response) of P3HT41-b-P3DDS53eluted at 1.0 mL/min in 1,2,4- trichlorobenzene at
140 °C.

Figure S6. GPC (UV response) of P3DDT18-b-P3HS16 eluted at 1.0 mL/min in 1,2,4- trichlorobenzene
at 140 °C.
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Figure S7. GPC (UV response) of P3DDT13-b-P3DDS17 eluted at 1.0 mL/min in 1,2,4- trichlorobenzene
at 140 °C.

Figure S8. GPC (UV response) of P3DDT28-b-P3DDS22 eluted at 1.0 mL/min in 1,2,4- trichlorobenzene
at 140 °C.
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Figure S9. GPC (UV response) of P3DDT43-b-P3DDS39 eluted at 1.0 mL/min in 1,2,4- trichlorobenzene
at 140 °C.

Figure S10. 1H-NMR (CDCl3; 400 MHz) of P3HT18-b-P3HS16.
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Figure S11. 1H-NMR (CDCl3; 400 MHz) of P3HT27-b-P3HS35.

Figure S12. 1H-NMR (CDCl3; 400 MHz) of P3HT15-b-P3DDS16.
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Figure S13. 1H-NMR (CDCl3; 400 MHz) of P3HT41-b-P3DDS53.

Figure S14. 1H-NMR (CDCl3; 400 MHz) of P3DDT18-b-P3HS16.
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Figure S15. 1H-NMR (CDCl3; 400 MHz) of P3DDT13-b-P3DDS17.

Figure S16. 1H-NMR (CDCl3; 400 MHz) of P3DDT28-b-P3DDS22.
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Figure S17. 1H-NMR (CDCl3; 400 MHz) of P3DDT43-b-P3DDS39.

Figure S18. DSC (10 °C/min; 2nd cycle) of P3HT18-b-P3HS16
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Figure S19. DSC (10 °C/min; 2nd cycle) of P3HT27-b-P3HS35

Figure S20. DSC (10 °C/min; 2nd cycle) of P3HT15-b-P3DDS16
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Figure S21. DSC (10 °C/min; 2nd cycle) of P3HT41-b-P3DDS53

Figure S22. DSC (10 °C/min; 2nd cycle) of P3DDT18-b-P3HS16
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Figure S23. DSC (10 °C/min; 2nd cycle) of P3DDT13-b-P3DDS17

Figure S24. DSC (10 °C/min; 2nd cycle) of P3DDT28-b-P3DDS22
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Figure S25. DSC (10 °C/min; 2nd cycle) of P3DDT43-b-P3DDS39

Figure S26. AFM height and phase images of P3HT18-b-P3HS16 thin films a) before and b) after
annealing. Scale bars are 200 nm.
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Figure S27. AFM height and phase images of P3HT27-b-P3HS35 thin films a) before and b) after
annealing. Scale bars are 200 nm.
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Figure S28. AFM height and phase images of P3HT15-b-P3DDS16 thin films a) before and b) after
annealing. Scale bars are 200 nm.
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Figure S29. AFM height and phase images of P3DDT13-b-P3DDS17 thin films a) before and b) after
annealing. Scale bars are 200 nm.
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Figure S30. AFM height and phase images of P3DDT28-b-P3DDTS22 thin films a) before and b) after
annealing. Scale bars are 200 nm.
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Figure S31. AFM height and phase images of P3DDT43-b-P3DDTS39 thin films a) before and b) after
annealing. Scale bars are 200 nm.
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Figure S32. AFM height and phase images of P3DDT45-b-P3DDTS47 thin films a) before and b) after
annealing. Scale bars are 200 nm.
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Figure S33. Effect of N on vibronic structure of the annealed (180 °C, 1 h) thin film absorption
spectra of P3DDT-b-P3DDS BCPs of low (N ~ 30; black), medium (N ~ 50; dark grey), and high (N ~
80 and 90; grey and light grey, respectively) molecular weights.

Figure S34. Normalized optical absorption spectra of P3HT18-b-P3HS16 thin films before (black) and
after annealing (red).
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Figure S35. Normalized optical absorption spectra of P3HT27-b-P3HS35 thin films before (black) and
after annealing (red).

Figure S36. Normalized optical absorption spectra of P3HT15-b-P3DDS16 thin films before (black) and
after annealing (red).
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Figure S37. Normalized optical absorption spectra of P3HT41-b-P3DDS53 thin films before (black) and
after annealing (red).

Figure S38. Normalized optical absorption spectra of P3DDT18-b-P3HS16 thin films before (black) and
after annealing (red).
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Figure S39. Normalized optical absorption spectra of P3DDT13-b-P3DDS17 thin films before (black) and
after annealing (red).

Figure S40. Normalized optical absorption spectra of P3DDT28-b-P3DDS22 thin films before (black) and
after annealing (red).
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Figure S41. Normalized optical absorption spectra of P3DDT43-b-P3DDS39 thin films before (black) and
after annealing (red).

Figure S42. Normalized optical absorption spectra of P3DDT45-b-P3DDS47 thin films before (black) and
after annealing (red).
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Figure S43. Effect of N in BCPs with asymmetric side chains. Bright-field TEM images of low
molecular weight P3HT15-b-P3DDS16 (7.3 kDa) and high molecular weight P3HT41-b-P3DDS53 (22.6
kDa). Scale bars are 200 nm.

Figure S44. Bright-field TEM images showing the difference in long range order in P3HT15-b- P3DDS16
thin films after annealing at 50, 95, 135 and 180 °C. Scale bars are 200 nm.
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Figure S45. Bright-field TEM image of a P3DDT22-b-P3DDS28 thin film after annealing for 18 h at
180°C. Scale bar is 100 nm.
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Figure S46. 2D GIWAXS data pre- and post-annealing and (100) peak fitting for a-b) P3DDT and c-d)
P3DDS homopolymers (N = 50). e) Representative cartoon of crystalline P3ATs lying edge- on to
the substrate and f) comparison of (010) peaks for homopolymers and P3DDT-b-P3DDS of varying
N.
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Figure S47. Temperature-dependent in situ GIWAXS patterns collected at 23, 50, 95, and, 135 °C
showing the (100) lamellar peaks for a) low N (30); b) medium N (50); and c) high N (80) P3DDT- bP3DDS thin films.

Figure S48. 2D GIWAXS patterns for P3DDT-b-P3DDS BCPs before annealing a) N = 30; c) N= 50; and
e) N = 80 and after annealing at 180 °C b) N = 30; d) N = 50; and f) N = 80. 1D out-of- plane (top) and
in-plane (bottom) patterns are on the right.
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Figure S49. Overlay of wide-angle X-ray patterns from the thin film and bulk data for the low (30;
green), moderate (50; red) and high N (80; blue) P3DDT-b-P3DDS copolymers. The lamellar
spacings corresponding to the type-II polymorph are shown in italics.
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Figure S50. Variable temperature SAXS patterns collected in situ on heating (red) and cooling (blue)
of bulk P3DDT-b-P3DDS powders. a) And b) low N (30); c) and d) medium N (50); e) and
f) high N (80) and g) and h) very high N (90) P3DDT-b-P3DDS powders.
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Table S2. 1,1,2-trichloroethane devices. (as cast, and after annealing at 100 °C, and 150 °C). [a][b]

[a] “As cast” devices were heated on a hotplate at 50 C for 30 min, in order to remove residual
casting solvent. [b] Devices were also prepared and annealed at 200 °C but underwent significant
dewetting. [c] Spin-coated at 6000 rpm instead of 5000 rpm to produce smoother films.

Figure S51. Best performing OTFT (as cast) a) output and b) transfer curves for P3DDT13-b- P3DDS17.
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Figure S52. Best performing OTFT (as cast) a) output and b) transfer curves for P3DDT22-b- P3DDS28.

Figure S53. Best performing OTFT (as cast) a) output and b) transfer curves for P3DDT43-b- P3DDS39.
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Figure S54. Best performing OTFT (as cast) a) output and b) transfer curves for P3HT18-b- P3HS16.

Figure S55. Best performing OTFT (as cast) a) output and b) transfer curves for P3HT27-b- P3HS35.
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Figure S56. Best performing OTFT (annealed at 100 °C) a) output and b) transfer curves for
P3DDT13-b-P3DDS17.

Figure S57. Best performing OTFT (annealed at 100 °C) a) output and b) transfer curves for
P3DDT22-b-P3DDS28.
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Figure S58. Best performing OTFT (annealed at 100 °C) a) output and b) transfer curves for
P3DDT43-b-P3DDS39.

Figure S59. Best performing OTFT (annealed at 100 °C) a) output and b) transfer curves for P3HT18b-P3HS16.
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Figure S60. Best performing OTFT (annealed at 100 °C) a) output and b) transfer curves for P3HT27b-P3HS35.

Figure S61. Best performing OTFT (annealed at 150 °C) a) output and b) transfer curves for
P3DDT13-b-P3DDS17.
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Figure S62. Best performing OTFT (annealed at 150 °C) a) output and b) transfer curves for
P3DDT22-b-P3DDS28.

Figure S63. Best performing OTFT (annealed at 150 °C) a) output and b) transfer curves for
P3DDT43-b-P3DDS39.
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Figure S64. Best performing OTFT (annealed at 150 °C) a) output and b) transfer curves for P3HT18b-P3HS16.

Figure S65. Best performing OTFT (annealed at 150 °C) a) output and b) transfer curves for P3HT27b-P3HS35.
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Chapter 6 Design Rules for Straightening Conjugated Polymer Electrolyte Chains for OPV Applications
6.1 Introduction
Semiconducting polymers are a useful class of optoelectronic materials because of their solution
processability, low cost, and structural tunability. These factors make them widely accessible across a
range of organic electronic devices including photovoltaics, thermoelectrics, light-emitting diodes, and
transistors.1-4 However, semiconducting polymers suffer from intrinsic disorder that disrupts their
conjugated π-system, resulting in decreased conductivity and overall device performance. Because
disorder can be so detrimental to polymer device performance, extensive efforts across the field have
been made to induce order in semiconducting polymers. In general, semiconducting polymers conduct
charge carriers via two methods: along the backbone of the polymer chain through π-conjugation or by
chain-to-chain hopping within ordered crystalline π-stacked domains. As such, many of the efforts to
increase the order in semiconducting polymers approach this problem either by increasing the polymer
crystallinity to encourage π-overlap, or by straightening polymer chains to facilitate along the chain
transport.
Many groups have aimed to increase the overall crystallinity of semiconducting polymer films, as
crystallinity, and therefore π-stacking and conductivity through the π-stacks, has long been demonstrated
to be strongly correlated.5,6 Film processing conditions including solvent choice, substrate choice,
deposition speed, and temperature have all been used to tune polymer crystallinity.7,8 Furthermore, postcasting treatments including thermal and solvent annealing are used as routine methods to increase
polymer crystallinity.9 Alternatively, polymer morphology can be tuned at the monomer level through
sidechain engineering. This approach has demonstrated an increase in crystallinity, and therefore device
performance for a variety of applications.10-13 Alternatively, polymer order and intrinsic carrier mobility
can be increased by straightening the polymer chains to eliminate inherent trap states where the
conjugation is broken. For example, polymer chains have been straightened by incorporating them into
248

host-guest systems of aligned nanopores, or via mechanical rubbing, which can increase conductivity by
up to three orders of magnitude relative to analogous unaligned systems.14-16
While these post-synthetic processing methods have been shown to be promising in increasing
polymer order and conductivity, they are not likely to be applicable at a larger scale, because they require
special processing that negates many of the attractive aspects of easily processable plastic electronics. In
this work, we thus expand upon our previous set of design rules to synthesize a conjugated polyelectrolyte
(CPE) that will spontaneously self-assemble into straight polymer micelles in solution as a route to
introduce intrinsic order into polymer system. CPEs are polymers that consist of a π-conjugated backbone
with charged side chains, allowing for processing and self-assembly in polar solvents. CPEs are also
commonly used as fluorescent sensors in biological systems, thanks to their unique combination of water
solubility and easy to measure optical properties.17-20 In addition, their ion conducting abilities make CPEs
effective interlayer agents in organic electronics such as solar cells and FETs. 21,22
We previously implemented a set of design rules that take advantage of the unique properties of
CPEs to create a conjugated system that self-assembles into inherently straight micelles and can be
applicable in organic electronics.23-25 The design rules for our polymer system were as follows: 1) a
hydrophobic conjugated backbone and charged side chains to create amphiphilic behavior, 2) an
alternating copolymer system so that the charged side chains are all on one side of the polymer, when
the subunits lie in a perfect coplanar conformation, 3) sidechains that are branched off an sp3 hybridized
carbon within the π-conjugated backbone hinders π-stacking and create a 3D wedge-shape that can
assemble into a cylindrical structure. With these design rules in mind, we have extensively studied
poly(fluorene-alt-thiophene) (PFT, Figure 1), an alternating copolymer with a rigid hydrophobic
conjugated backbone and charged hydrophilic side chains that are all on the same side of the polymer
chain.23-25 This alternating copolymer CPE structure creates a driving force for the formation of cylindrical
micelles in aqueous solutions. Studies of the optical and structural properties of PFT revealed the expected
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cylindrical micelle assembly, along with efficient charge transfer properties to acceptor molecules
interacting with these micelles.

Figure 6.1 Comparison of bond angle matching between PFT and PCT demonstrating that the bond
angles of the monomer units in PCT result in an internal angle of 0⁰

In the present work, we expand on this alternating copolymer amphiphilic design rule to develop
a new polymer system by adding a 4th rule: matching alternating monomer bond angles such that the
internal angle of the polymer chain is 0⁰, thus forcing the individual polymer chains to be as straight as
possible within the self-assembled micelle.

For this new work, by exchanging the fluorene with

cyclopentadithiophene subunits, we synthesized poly(cyclopentadithiophene-alt-thiophene) (PCT),
whose structure is shown in Figure 1. We hypothesize that this new structure will demonstrate two
advantages over the previously studied PFT. As compared to the fluorene unit in PFT, the
cyclopentadithiophene subunit and thiophene moieties have matched connecting angles, resulting in a
straighter polymer backbone as demonstrated in Figure 1. Upon self-assembly, this straighter backbone
should result in less disordered cylindrical micelles, in comparison to what we observed in the PFT system.
In addition to straightening the polymer chains, cyclopentadithiophene units absorb well in the visible
spectrum,26 making this polymer much more applicable for use in organic photovoltaics.
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Herein, we study the expansion of our design rule for straight cylindrical CPE self-assembly in
water using a combination of cryo- electron microscopy (cryoEM), solution small-angle X-ray scattering
(SAXS), and Dammin bead modeling of the SAXS scattering data. Overall, we demonstrate that our design
rules allow for making straighter amphiphilic polymer chains having a tunable band gap.
6.2 Results and Discussion
Scheme 6.1: An improved synthetic approach to PCT making use of a double Michael
addition of N,N-dimethylacrylamide with cyclopentadithiophene.

As demonstrated in Scheme 1, the colinear structure of amphiphilic PCT is achieved by using
cyclopentadithiophene as one of the monomeric units and by incorporating hydrophilic ammonium side
chains along the backbone of the polymer. We found that it is much easier to introduce these sidechains
via a double Michael addition of N,N-dimethylacrylamide at the sp3 carbon of the cyclopentadithiophene
moiety, which considerably enhances the yields of the intermediates compared to the more traditional
double alkylation approach with ClCH2CH2CH2NMe2.21-23 The latter, in our case, resulted in complete loss
of the expensive cyclopentadithiophene starting material. We have also shown that introducing the side
chains via double Michael addition works on fluorene rings (Figures S9-S10). Subsequent bromination of
the outer cyclopentadithiophene rings, followed by reduction of the N,N-dimethylamide to N,Ndimethylamine groups using in situ generated AlH3 yielded the monomeric core of PCT. After
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polymerization with 2,5-bis(tributylstannyl)thiophene, the final polymer was quaternized with excess
bromoethane to generate the hydrophilic N,N-dimethyl-N-ethylammonium functions. The versatility of
this strategy allows for straightforward changes to the core or side chains of these linker units, and thus,
allow to us to obtain a potential library of amphiphilic polymers. The characterization data for these
intermediates and final products can be found in Figures S1-S8.
The optical characterization of PCT is shown in Figure 2a. We see that a large red-shift in the band
gap as compared to PFT, caused by the exchange of fluorene for the cyclopentadithiophene units. As
expected, the emission spectrum is also red-shifted, opening up the possibility of incorporating a variety
of electron acceptor molecules to study charge transfer characteristics. These optical spectra demonstrate
that the band gap of the CPEs created using our design rules can easily be tuned, with only minor changes
in the linker structure.

Figure 6.2 a) Optical characterization of PCT demonstrating visible-region band gap absorption. b)
CryoEM image of PCT solution showing micelle-like structures with average diameters of 2 nm.
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Self-assembly of PCT into cylindrical micelles was first demonstrated using CryoEM on flash-frozen
dilute aqueous solutions of PCT, as seen in Figure 2b. The cryoEM samples were prepared by the standard
method – producing thin-films of vitreous solution suspended across holey-carbon grids. This produces a
network of PCT micelles, with many individual micelles overlapping one another; each micelle measures
about 2 nm in diameter. While the formation of a micellar-network makes distinguishing individual
micelles difficult, we estimate that the average length of each micelle is roughly several-tens-ofnanometers. Most importantly, the cryoEM data provides clear evidence for PCT micelle formation.
To complement the images of our cylindrical micelles, we used solution SAXS to provide more
quantitative information on the size and shape of self-assembled micelles and aggregates in solution. All
samples measured by solution SAXS underwent size-selective precipitation to separate high- and lowmolecular weight (MW) polymers prior to micelle formation. We expected low–MW polymer chains to
demonstrate more ideal cylindrical self-assembly behavior, while high-MW chains would give us insight
on the behavior that would be observed for polymers of a size that is more commonly used in device
applications. The raw scattering curves in Figure 3a for both high- and low-MW samples (red and blue
curves, respectively) are fairly featureless, which is expected for cylindrical micelles in solution. 24,28 The
general shape of the solution self-assembly can be determined by fitting to a Guinier-region power law,
wherein the power law slope is indicative of the polymer fractal structure. 29 In essence, this power law
slope is representative of the dimensionality of the average shapes in solution: slopes of 1, 2, and 3
correlate to rigid rod, flat disk, and spherical structures, respectively. Interactions between molecules, or
branching/bending in the case of rigid rods, should result in deviations from a slope of 1.
As can be seen in Figure 3a, both high- and low-MW scattering profiles have slopes near 1, with
the low-MW scattering profile fitting exactly to 1. For comparison, the power-law slope of PCT with a
similar molecular weight is 1.4 (Figure S11). This confirms that using the cyclopentadithiophene unit to
match the bond angles between thiophene/ cyclopentadithiophene units, indeed straightens the polymer
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chain and results in well-ordered micelles at low-MW. For the high-MW sample, the increase in the power
law slope to 1.3 can be explained by the presence of longer chains that should produce longer micelles
with more propensity to bend in solution. Disorder from misaligned polymer chains could also result in
some micelle branching. While high-MW PCT does show deviation from perfect one-dimensional
behavior, these micelles all have a Porod slope much closer to 1 than our previous polymer, PFT, which
did not have a matching bond angle between the fluorene and thiophene monomer units. The scattering
patterns of high-MW PFT micelles fit to a power law slope of 1.5, indicating the importance of bond angle
matching for inducing order in this amphiphilic system.

Figure 6.3 a) Radially averaged SAXS data with power-law fits, and b) P(r) transformations of the
SAXS data confirming rod-like micelle structures for both high- (red) and low- (blue) MW PCT in
water.
The radially averaged scattering data shown in Figure 3a can be Fourier-transformed to a pairdistance distribution function, P(r), as seen in Figure 3b. These P(r) functions represent the radially
averaged distribution of electron density correlations as a function of the separation distance, r, within a
solution-phase aggregate.30-32 We note that if the interparticle spacing is regular, such as in a lyotropic
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liquid crystal, we would observe distinct peaks corresponding to the average interparticle distance in both
the raw and Fourier-transformed data.33,34 Partial ordering would not produce peaks in the raw data, but
can still produce broad correlation peaks in the P(r) data. Because the P(r) function averages over all
electron density correlations with equal probability, it cannot distinguish between interparticle and
intraparticle correlations. The P(r) functions of the SAXS data in Figure 3b confirm the cylindrical scattering
profile, with a sharp peak produced by the diameter of the cylinder (region 1), followed by a linear decay
(region 2) related to the long axis of the cylinder. For both high- and low-MW PCT samples (red and blue
curves, respectively), there is a sharp peak at r = ~20 Å. Particularly in the case of low-MW, the P(r)
demonstrates a shape nearly identical to that of a perfect rigid rod, further indicating that matching the
bond angles between the alternating units within the copolymer is crucial for creating straight polymer
chains. For the high-MW sample, there is also a broad peak centered at ~100 Å (red curve, region 3),
suggesting that some intraparticle correlation is possible at longer chain lengths due to bending
fluctuations within the micelle, a phenomenon which will be discussed in more detail below.
To further explore the structure ofs our amphiphilic polymer assemblies, we also utilized Dammin
bead modeling, which is a Monte Carlo based optimization, to fit our SAXS data. In the fitting process, the
radially averaged SAXS was fist fit to a smoothly varying function (green line in Figure 4) so that the MonteCarlo routing does not try to fit structure to the noise in the data. A set of beads in a simulation box are
then moved using Monte-Carlo methods to create structure whose scattering profiles best match the fit
to the scattering data.35 The fits are usually not unique, so a series of best fit structures are use define the
probably structure in solution. Note that due to computational limitation, we have not been able to use
simulations boxes larger than 140 Å, which is smaller than some of the correlation distances shown in
Figure 3.
Three-dimensional reconstructions generated for low-MW PCT (Figure 4a) generally show
straight, rod-like chains that agree with both the Guinier region fits and the P(r) data presented above.
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Upon moving to the high-MW PCT samples, he overall shape of the reconstructions is still cylindrical, but
now all cylinders show some curvature (Figure 4b). This curvature is simply another visualization of the
100 Å correlation peak that is observed in the P(r) data and of the deviation of the Porod slope from a
value of 1.0. We note that the structural heterogeneity in the Dammin fits may be artificially small, given
that the intramicelle correlation distance is 100 Å and the simulation box is only 140 Å. The c-shaped
micelles in all reconstructions likely results because this is the only way to generate a 100 Å correlation
within the limited box, and a broader range of conformation likely exist in the real system. Overall, both
the high- and low-MW Dammin bead models reconstructions further demonstrate that PCT forms rodlike micelles in solution. For both samples, more examples of bead models are shown in Figures S12 and
S13.

Figure 6.4 Dammin bead model fits and structures for a) 1 mg/mL high-MW PCT, and b) 1 mg/mL
low-MW PCT confirming rod-like micelle shapes; the curvature in the high-MW PCT is due to the
broad correlation peak seen in the P(r) function from Figure 2c.
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In order to ensure that the above discussed SAXS results are not due to aggregation effects, and
to observe the interaction of polymer chains in solution, we further examined both low- and high-MW
samples at varying concentrations, as seen in Figure 5. In non-interacting systems, the scattering profiles
do not change shape as the concentration changes, and only the scattering intensity increasing with
increasing concentration.36,37 Either repulsive or attractive interactions will result in new inter-aggregate
correlation peaks as concentrations increases. Figure 5a shows concentration-normalized P(r)
transformations for the low-MW fraction of PCT. The peak at 20 Å remains the same for all concentrations,
indicating that the rod-like shape of the individual micelles remains unchanged, and that all
measurements were performed above the critical micelle concentration.38 However, as the concentration
increases, a broad peak appears at ~400 Å, likely corresponding to electron density correlations between
neighboring micelles in solution. These changes are also reflected in the Guiner-region power law fits
shown in Figure 5b. The increase in slope from 1.0 to 1.2, can thus be explained by the interaction between
neighboring polymer micelles. These intermicelle correlations observed in the SAXS data are represented
as region 4 in the schematic shown in Figure 5c.

Figure 6.5 Concentration-dependent studies of low-MW PCT (a-c) and high-MW PCT (d-f)
demonstrating that cylinder shape is maintained while micelles interact with each other in solution.
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The P(r) data for the high-MW PCT (Figure 5d) show three distinct peaks that appear at different
concentrations. As with the low-MW samples, the first peak at ~20 Å corresponds to the cylinder diameter
(region 1). The peak at ~100 Å (region 3), as previously discussed, relates to curvature fluctuations in
longer micelles, and likely stems from intra-micelle density correlation that can occur because the
increased length of the micelle allows for some bending in solution. However, as the concentration
increases, an additional peak at ~300 Å (region 5) appears. Similar to what is seen for the low-MW PCT,
this new peak is likely due to inter-micelle correlation because neighboring micelles are now closer to
each other. It is also interesting to note that the inter-micelle correlation peak appears at longer distances
for low-MW as compared to high-MW PCT. We hypothesize that in the low-MW system, the micelles are
short enough that they are able to minimize repulsive forces more effectively with increased distance
between micelles. However, at higher-MW, there is increased disorder caused by fluctuations of the
longer polymer micelles, leading to closer contacts. Interestingly, as the concentration increase, the
curvature peak at ~100 Å appears to decrease in intensity, indicating that repultion from neighboring
micelles can help to straighted out the micelles in the high-MW samples. While the radially averaged data
and corresponding Guinier-Porod fits seen in Figure 5e show little change with increasing concentration,
a small increase is observed going from 1 mg/ml to 4 mg/ml.
6.3 Conclusions
With this work, we have demonstrated the utility of our design rules for straightening polymer chains
using self-assembling amphiphilic CPEs by demonstrating the formation of well-ordered cylindrical
micelles in our new PCT polymer. We are able to move the band gap ~150 nm into the visible region from
our previous micelle forming PFT polymer, making this polymer better suited for future optoelectronic
applications. Solution SAXS characterization of PCT demonstrates that low molecular weight versions of
this polymer are able to form well-ordered cylindrical micelles in solution, as demonstrated by a Porod
power law slope of 1 and corresponding P(r) profiles that match the theoretical shape for a cylinder. These
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results demonstrate that ensuring proper bond angle matching between monomer units is crucial for
improving the overall order of the system, even at high molecular weights. Because of the added order
of this amphiphilic polymer system, as compared to our previously studied PFT, we are now able to
understand how molecular weight controls both intra- and inter-micelle interactions in ways that could
not be determined in the more disordered PFT system. At high molecular weight, we can see that the
polymer is able to maintain a largely cylindrical self-assembled structure, but it can bend, thus introducing
intra-micelle interactions.
With the synthesis and characterization of PCT, we have been able to confirm and expand our design
rules for amphiphilic self-assembly of charged conjugated polymers. This opens up exciting potential for
new studies where these self-assembling polymers are combined with various excited state electron
acceptors to study charge transfer properties, both in solution and in the solid-state. Together, our design
rules include, (1) a hydrophobic core with hydrophilic side chains, (2) an alternating copolymer in order to
ensure that all polar substituents can reside on the same side of the polymer chain after self-assembly,
(3) a substituent branching point at an sp3 carbon to prevent randome polymer aggregation and πstacking, and lastly, (4) an internal angle of 0⁰ between repeat units of co-monomers to produce a straight
polymer chain. Due to the ease of structural tunability within these parameters, many other CPEs should
be synthesizable using these design rules. This new class of water-soluble polymers with inherent order
and straighter polymer chains may help reduce the many trap states which are typically seen in
semiconducting polymers.
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6.4 Supplementary Information
Synthetic Methods
General procedures: Chemical reagents were obtained from commercial sources and used without
further purification. Unless otherwise noted, all reactions were performed under argon at 25 °C. Silicycle
(Siliflash P60) silica gel 60 (240-400 mesh) was used for all column chromatography. Solution NMR spectra
were obtained on a Bruker AV500 instrument.

3,3'-(4H-cyclopenta[2,1-b:3,4-b']dithiophene-4,4-diyl)bis(N,N-dimethylpropanamide) (1)
Cyclopentadithiophene (1.50 g, 8.40 mmol, 1.0 eq) was dissolved with toluene (15 mL) along with
tetrabutylammonium bromide (250 mg, 0.840 mmol, 0.1 eq) and N,N-dimethylacrylamide (3.33 g, 33.6
mmol, 4.0 eq) and sparged with argon for 15 minutes. At the same time a 50 % wt solution of sodium
hydroxide (7.5 mL) was sparged under argon. The sodium hydroxide solution was then added to dropwise
and the mixture heated at 65 °C overnight. The reaction was then cooled to room temperature and
washed first with 1 M sodium hydroxide then brine. The organic layer was dried over MgSO4 and
concentrated in vaccuo. The precipitate was washed with pentane and filtered to yield the product as a
tan solid (2.66 g , 91%). 1H NMR (500 MHz, CDCl3): 7.17 (d, J = 4.7 Hz, 2H), 6.93 (d, J = 4.7 Hz, 2H), 2.77 (s,
6H), 2.62 (s, 6H), 2.35 (t, J = 7.9 Hz, 4H), 1.73 (t, J = 7.9 Hz, 4H). 13C NMR (125 MHz, CDCl3): 172.5, 155.9,
137.3, 125.4, 121.7, 52.4, 37.0, 35.3, 33.3, 27.8. HRMS (DART) Calculated for C 19H24N2O2S2: 377.1352;
found: 377.1337.
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3,3'-(2,6-dibromo-4H-cyclopenta[2,1-b:3,4-b']dithiophene-4,4-diyl)bis(N,N-dimethylpropanamide) (2)
Compound 1 (4.00 g, 15 mmol. 1.0 eq) was dissolved in THF (100 mL) along with N-bromosuccinimide
(4.29 g, 24.1 mmol. 2.1 eq). The reaction was covered in aluminum foil and stirred at room temperature
overnight under argon. This mixture was concentrated in vaccuo and the residue redissolved in chloroform
before washing with 10% aqueous sodium thiosulfate solution, 1 M sodium hydroxide, and brine. The
organic layer was dried over MgSO4 and evaporated on a rotovap before purifying on silica gel using
hexanes/CH2Cl2/MeOH (1:1:0.1) as eluent to yield 2 as a tan solid (4.98 g, 81%). %). 1H NMR (500 MHz,
CDCl3): 6.95 (s, 2H), 2.80 (s, 6H), 2.68 (s, 6H), 2.32 (t, J = 7.9 Hz, 4H), 1.73 (t, J = 7.9 Hz, 4H). 13C NMR (125
MHz, CDCl3): 171.9, 154.0, 137.07, 124.8, 112.0, 37.1, 35.4, 33.0, 27.5. HRMS (ESI) Calculated for
C19H22N2O2S2 [MH+]: 532.9568; found: 532.9928.

3,3'-(2,6-dibromo-4H-cyclopenta[2,1-b:3,4-b']dithiophene-4,4-diyl)bis(N,N-dimethylpropan-1-amine)
(3)
Lithium aluminum hydride (874 mg, 23.0 mmol, 3.0 eq) was dissolved in THF (52 mL) in a flame dried
flask then cooled to 0 °C before concentrated sulfuric acid was added dropwise (2.45 mL, 46.1 mmol, 6.0
eq). After stirring for 5 minutes, a solution of 2 (3.89 g, 7.68 mmol, 1.0 eq) in THF (77 mL) was added and
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allowed to reflux overnight under argon. The reaction was quenched with 1 M HCl at 0 °C then basified
with 1 M NaOH. The precipitate was filtered and washed THF. The resulting filtrate was washed with
brine and dried over MgSO4 and evaporated on a rotovap. The product was purified on silica gel with 5%
MeOH in CH2Cl2 to give 3.12 g of product as a white solid (80%). 1H NMR (500 MHz, CDCl3): 6.94 (s, 2H),
2.2-2.1 (m, 16 H), 1.83 (m, 4H), 1.07 (m, 4H). 13C NMR (125 MHz, CDCl3): 155.3, 136.6, 124.4, 111.5, 59.6,
54.6, 45.4, 35.2, 22.6. HRMS (ESI) Calculated for C 19H26N2O2S2 [MH+]: 504.9982; found: 504.9826.

Poly{(4,4-bis(3’-(N,N-dimethylamino)propyl)cyclopenta[2,1-b:3,4-b’]dithiophene)-2,6-diyl-alt(thiophene-2,5-diyl)} (4)
2,5-bis(tributylstannyl)thiophene (4.08 g, 6.16 mmol, 1.0 eq) and 3 (3.12 g, 6.162, 1.0 eq) were dissolved
in THF (175 mL) and sparged for 15 minutes under argon before tetrakis (triphenylphosphine)palladium
(712 mg, 0.616 mmol, 0.1 eq) was added. The reaction was then refluxed for 3 days under argon. Upon
cooling to room temperature, the polymer was precipitate with 700 mL of hexanes and centrifuged. The
supernatant was decanted and the process repeated until the supernatant was light purple. The resulting
polymer was vacuum dried to yield 1.85 g of purple solid as product (69%). 1H NMR (500 MHz, CDCl3): 7.96.0 (br s, 4H), 2.4-1.5 (m, 20H), 1.5-1.0 (br s, 4H). LS Analysis: Mn 9,760, PDI 2.193.
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Poly{(4,4-bis(3’-(N-ethyl-N,N-dimethylamino)propyl)cyclopenta[2,1-b:3,4-b’]dithiophene)-2,6-diyl-alt(thiophene-2,5-diyl)} bromide (PCT)
Polymer 4 (100 mg, 1.0 eq) was dissolved in THF (30 mL) under argon. Ethyl bromide (15 mL) was added
and the mixture allowed to reflux for 4 days. The mixture was then cooled and evaporated under pressure
to yield a 146 mg of a purple powder (97%). 1H NMR (500 MHz, DMSO-d6): 7.6-7.2 (m, 4H), 3.0-2.8 (m,
12H), 2.51 (s, 8H), 1.9-1.7 (br s, 4H), 1.5-1.3 (br s, 4H), 1.1-1.0 (m, 6H).

3,3'-(2,7-dibromo-9H-fluorene-9,9-diyl)bis(N,N-dimethylpropanamide) (5)
2,7-dibromo-9H-fluorene (10.00 g, 30.86 mmol, 1.0 eq) was dissolved with toluene (50 mL) along with
tetrabutylammonium bromide (995 mg, 3.086 mmol, 0.1 eq) and N,N-dimethylacrylamide (9.790 g, 98.76
mmol, 3.2 eq) and sparged with argon for 15 minutes. At the same time a 50 % wt solution of sodium
hydroxide (20 mL) was sparged under argon. The sodium hydroxide solution was then added to dropwise
and the mixture stirred at room temperature for 30 min. The reaction was then cooled to room
temperature and filtered. The solids were washed with toluene and water before drying. The title
compound (14.02 g , 87%) without further purification. 1H NMR (500 MHz, CDCl3): 7.54 (d, J = 8.1 Hz, 2H),
7.51 (d, J = 1.5 Hz, 2H), 7.48 (dd, J = 8.1, 1.5 Hz, 2H), 2.78 (s, 6H), 2.56 (s, 6H), 2.41 (t, J = 2 Hz, 4H), 1.52 (d,
J = 8.2 Hz, 4H); 13C NMR (125 MHz, CDCl3): 171.96, 150.5,138.9, 130.9, 126.6, 122.0, 121.2, 54.5, 36.8,
35.3, 34.9, 27.4.
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Figure S1 1H NMR spectrum of compound 1 in CDCl3.
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Figure S2 13C NMR spectrum of compound 1 in CDCl3.
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Figure S3 1H NMR spectrum of compound 2 in CDCl3.
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Figure S4. 13C NMR spectrum of compound 2 in CDCl3
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Figure S5 1H NMR spectrum of compound 3 in CDCl3.
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Figure S6 13C NMR spectrum of compound 3 in CDCl3.
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Figure S7 1H NMR spectrum of compound 4 in CDCl3.
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Figure S8. 1H NMR spectrum of PCT in DMSO-d6.
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Figure S9 1H NMR spectrum of compound 5 in CDCl3.
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Figure S10 13C NMR spectrum of compound 5 in CDCl3.
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Figure S10 Power law fit of low MW PCT

DAMMIN Bead Modeling
DAMMIN INPUT PARAMETERS
Computation mode:

Expert

Maximum diameter of the particle :

350.0

Solution at Alpha = 0.221E+01 Rg : 0.105E+03 I(0):

0.175E+05

Radius of gyration read:

105.0

Number of GNOM data points:

343

Maximum s value [1/angstrom]:

0.3235

Number of Shannon channels:

30.89

Number of knots in the curve to fit:

55

A constant was subtracted:

9.234

Maximum order of harmonics:

20
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Point symmetry of the particle:

P1

Sphere diameter [Angstrom]:

140.0

Packing radius of dummy atoms:

5.000

Radius of the sphere generated:

70.00

Number of dummy atoms:

1985

Number of equivalent positions:

1

Expected particle anisometry:

Unknown

Excluded volume per atom:

707.6

Radius of 1st coordination sphere:

14.10

Minimum number of contacts:

5

Maximum number of contacts:

12

Looseness penalty weight:

6.000e-3

No of non-solvent atoms:

1985

Initial DAM looseness:

7.571e-3

Disconnectivity penalty weight:

6.000e-3

Initial DAM # of graphs:

1742

Discontiguity value:

0.0

Center of the initial DAM:

0.0000 0.0000 0.0000

Peripheral penalty weight:

0.3000

Peripheral penalty value:

0.6029

Looseness fixing threshold:

0.0

R-factor fixing threshold:

0.0

*** The structure was randomized ***
No of non-solvent atoms:

1023
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Randomized DAM looseness:

0.1022

Randomized DAM # of graphs:

911

Discontiguity value:

2.258

Randomized peripheral penalty value:

0.6033

Weight: 0=s^2, 1=Emphasis->0, 2=Log:

1

*** Porod weight with emphasis at low s ***
Initial scale factor:

9.153e-11

Scale factor fixed (Y=Yes, N=No):

N

Initial R^2 factor:

0.8020

Initial R factor:

0.8955

Initial penalty:

0.1952

Initial fVal:

0.9971

Variation of the target function:

1.574e-4

CPU per function call, seconds:

1.297e-4

Initial annealing temperature:

1.000e-3

Annealing schedule factor:

0.9500

# of independent atoms to modify:

1

Max # of iterations at each T:

138950

Max # of successes at each T:

13895

Min # of successes to continue:

46

Max # of annealing steps:

200
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Figure S12. Additional representative DAMMIN bead models for low MW PCT

Figure S13. Additional representative DAMMIN bead models for high MW PCT
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Chapter 7 Understanding the effects of confinement and crystallinity in semiconducting polymers via
aligned mesoporous silica host-guest system
7.1 Introduction
Semiconducting polymers are a widely used class of materials for many organic electronic
applications including light-emitting diodes (LEDs) and photovoltaics (OPVs) because of their low cost, and
solution processability.1-3 Further, their solubility in many common organic solvents and thus ease of
processability makes it possible to easily manipulate their morphology in order to improve device
performance via simple methods such as solvent choice, annealing or solvent annealing. 4-7 In these type
of polymers, small morphology changes can have large effects on the nature of exciton formation in OPVs
and LEDs. Semiconducting polymer excitons are particularly sensitive to the morphology because they are
capable of delocalizing in multiple directions, both along the polymer chain and across the π-stacks
between polymer chains.8,9 In highly ordered polymers, excitons are able to delocalize equally in both
directions.8 This increased exciton delocalization is crucial for increased charge separation and therefore
device performance particularly in OPV applications.10
Because exciton formation is a crucial step in organic electronic device performance, there is
much interest in studying the fundamentals of semiconducting polymer excitons and the ways in which
manipulating polymer morphology affects excitons. Aggregate effects on small molecules have long been
understood via the model of H- and J-aggregates presented by Kasha, et al.11,12 In this model, a material
that is described as an H-aggregate lies with its chromophores side by side and a J-aggregate material has
chromophores that lie head to tail. Much of the groundwork for understanding this model in the context
of polymer excitons has been laid by Spano. Spano and coworkers in their work that demonstrates that
excitations in semiconducting polymers can be understood via this H- and J-aggregate model using the
concept of HJ-aggregate hybrids.8,13-16 In polymers, J-aggregation is analogous to coupling along the chain
while H-aggregation arises from interactions in the π-stacking direction which allows for interchain
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coupling. In reality, both types of coupling are present in most polymers and there is constant competition
between the two.
One of Spano’s and coworkers key contributions to this field is the demonstration that the
exciton-vibrational coupling in semiconducting polymers creates clear absorbance and emission spectral
signatures that demonstrate whether H- or J-like aggregation behavior is dominant in a given polymer,17,18
In polymers where J-aggregate behavior dominates, the 0-0 peaks in both absorbance and fluorescence
dominate whereas in H-aggregate-like polymers the 0-0 peak is disallowed resulting in 0-1 peak
dominance in the absorbance and emission spectra. These changes in spectra make it straightforward to
assess how changes in morphology affect the nature of the excitons in semiconducting polymers.
One of the most common polymers that has been studied using this H-J aggregate model is poly(3hexylthiophene) (P3HT). P3HT is ubiquitous in the field of semiconducting polymers and has been used
in a wide variety of devices including OPVs and thermoelectric and is particularly appealing because of its
relatively high crystallinity. Because of its strong interchain chain interaction in the π-stacking region of
the crystallites, P3HT is a predominantly H-aggregate-like polymer which is reflected in its spectroscopy
where the 0-1 peak intensity dominates in both absorbance and emission spectra. One common way that
these spectral signatures and the Spano model have been applied to P3HT systems is by using the 0-0/01 absorbance peak intensity ratio as a proxy for crystallinity in poly(3-hexylthiophene) (P3HT).19,20
Other work from spano has determined that an increase in crystallinity in P3HT can result in an
increase in the 0-0 vibronic peak intensity.21,22 However, this may seem counterintuitive because P3HT
has strong π-stacking behavior and is a traditional H-aggregate polymer while an increase in the 0-0
transition corresponds to an increase in intrachain coupling and J-aggregate behavior. An explanation for
this seemingly contradictory behavior is that even the disordered parts of P3HT films are able to have
some interchain coupling and the chain straightening caused by increasing the crystallinity of the film
causes a greater increase in intrachain coupling than interchain coupling. As evidenced by the presence

284

of a π-stacking diffraction peak even in disordered regiorandom P3HT,23 all P3HT regions, even the
disordered ones are capable of interchain coupling but crystallinity is required to increase the intrachain
coupling and corresponding J-aggregate absorbance peaks.
This interplay between H- and J-aggregate behavior, however, does bring up the question of the
relationship between crystallinity, order and aggregation behavior. Is P3HT always an H-aggregate
polymer? Does crystallinity drive an increase in H-aggregation in addition to J-aggregation? Does P3HT’s
propensity to π-stack drive its crystalline behavior? These questions are difficult to answer because as of
yet there has not been a system in which P3HT aggregation and crystallinity behavior can be separated
and studied independently. There have been many studies in which P3HT nanofibers are studied and
have been shown that P3HT can exhibit more J-aggregate behavior, however in these systems the
microstructure of P3HT is unknown and the polymer is still able to crystallize.24-27
In order to study the nature of polymer aggregation in ordered systems we have designed a hostguest system of anisotropically aligned mesoporous silica into which polymer chains can be infiltrated.
This system forces polymer chains to be aligned and straight but not crystalline due to the confinement
of the mesopores only allowing 3-5 polymer chains per pore.28 Because optical transitions of polymer are
aligned along the backbone of the polymer, we can selectively study the most aligned and ordered chains
by polarizing the light parallel to the axis of the pores. Past studies on this system have demonstrated
that it is possible to infiltrate polymers into this mesoporous system and that the chains have a high level
of in-plane anisotropy28 and that polymers within this porous film demonstrate highly polarized amplified
stimulated emission (ASE).29
In this study, we will compare the behavior of P3HT to Poly[2-methoxy-5-(2-ethylhexyloxy)-1,4phenylenevinylene] (MEH-PPV), which is a mostly disordered polymer that has branched side chains that
prevent it from π-stacking. Because of its inability to form π-stacks, MEH-PPV has predominantly Jaggregate behavior thus making it an interesting point of comparison to P3HT. Further, the optical
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properties of MEH-PPV have been widely studied are therefore well understood. Long before Spano
developed this HJ-aggregate model for polymers, it was shown by Schwartz and coworkers that films
processing conditions in MEH-PPV could have a large effect on spectral line shape and that spectroscopic
methods could be used to explain device performance trends. 30,31 By comparing these two well-studied
yet very different polymers in terms of their aggregation and crystallinity properties in our aligned
mesopore system we expect to come to a general understanding of the relationship of polymer
aggregation, crystallinity and confinement.
7.2 Results and Discussion
We synthesized our aligned mesoporous silica films via a surfactant templating method that has
been previously published.32,33 In this method, the driving force for anisotropic alignment is the interaction
of the surfactant micelle with a rub-aligned polyimide film. The results is an ordered porous material with
hexagonally arranged long straight pores. All of the pores lie in the plane of the film, and while the film is
poly crystalline, the pore axis of each domain lies in roughly the same direction because of the aligning
polyimide film.32,33 In order to verify the anisotropy of our films, we performed grazing-incidence small
angle X-ray scattering (GISAXS). As demonstrated in Figure 1, we can measure the scattering pattern with
the X-ray beam both parallel and perpendicular to the axis of the pores. As expected, this rotation does
not affect the out of plane scattering. However, in the in-plane direction, (Figure 1b) the intensity in the
perpendicular direction is greatly reduced when the X-rays are incident on the sample perpendicular to
the pore direction, as expected for an aligned system. Integrating the relative peak intensities in Figure
1c shows that the anisotropy ratio of these films is 18:1 indicating that the pores are, in fact, highly aligned.
From the peak position at 0.088 Å-1, we can also determine that the center to center distance on the
pores is approximately 7 nm. Importantly, it has been show previously that there are random holes in the
walls of the hexagonal pores that allow molecules to be diffused into the pores, despite the fact that the
pore axis lies in the plane of the film.
286

Figure 7.1 GISAXS of aligned mesoporous silica with the axis of the pores (a) parallel to the incoming
X-ray beam and (b) perpendicular to the direction of the beam. Integrated in-plane peak intensity (c)
shows the high degree of anisotropy in the system (d) cartoon from reference 33 demonstrating the
geometry of the films that results in anisotropic in-plane scattering

Once synthesized, polymers are incorporated into the porous film by first adding a hydrophobic
coating to the inner surface of the pores then soaking the porous film in polymer solution. The polymer
solution is then slow concentrated by evaporation to drive the polymers into the pores. This results
polymer chains that are straight and aligned within the pores. We can determine the degree of anisotropy
simply by comparing the intensity of the absorbance of emission parallel and perpendicular to the axis of
the pores. As can be seen in Figure 7.2Error! Reference source not found. a and b, both MEH-PPV and
P3HT have large intensity differences between their parallel and perpendicular emission, indicating that
both polymers can be effectively aligned in the porous films with high levels of anisotropy. For both P3HT
and MEH-PPV, there are a small number of chains that are coiled and disordered with the film which are
able to absorb light perpendicular to the axis of the pores. In contrast, the MEH-PPV perpendicular
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emission has almost no intensity because the emission dipole is aligned with the backbone of the polymer,
thus the only chains able to emit light perpendicular to the pore axis must be coiled and disorder.

Figure 7.2 Compared intensity of absorbance and photoluminescence of MEH-PPV (a) and P3HT (b)
aligned within mesoporous silica demonstrating the polymer anisotropy. In absorbance
measurements the incoming beam is polarized and in PL measurements both the excitation and
emitted light are polarized according to the figure legend.

Figure 7.3 shows the perpendicular and parallel absorbance data normalized so as to determine
the effect of aligning and confining the polymer chains on the aggregation behavior. In general, the
population of polymer chains that absorb light parallel to the pore axis are the most ordered and will not
have their conjugation disrupted by bends in the chain. In P3HT, we can see that the more ordered chains
have an increase of the 0-0 absorption peak, much in the same way that crystallinity increases the 0-0
peak intensity in spin-coated P3HT. It is important to note that this cannot be polymer chains crystallizing
because there at most 3-5 chains per pore, thus there are not enough polymer chains to become truly
“crystalline”. We also observe that the absorption shifts to lower energy, indicating that, as expected,
chains absorbing parallel to the pore axis are able to delocalize excitons more effectively. Similarly to
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P3HT, the absorption from MEH-PPV polymer chains that absorb light parallel to the axis of the pores also
is shifted to low energy as compared to the chains that absorb perpendicular to the pore axis.

Figure 7.3 Normalized polarized absorbance of (a) MEH-PPV and (b) P3HT demonstrating the
differences in absorbance for the population of polymer chains that are highly aligned and those
that are isotropic and therefore able to absorb light perpendicular to the axis of the pores. In both
polymers, the polymer chains that are isotropic absorb higher energy light likely due to their relative
lack of exciton delocalization. The relative Abs0-0/0-1 ratios, particularly in P3HT change dramatically in
these two populations.

To deconvolute the absorption spectra, both these ordered yet not crystalline fractions and the
disordered populations, that are able to absorb light perpendicular to the pore axis, of the encapsulated
polymer films were modeled, as shown in Figure 7.4. Specifically, each encapsulated polymer film was
modeled as having two populations, each of which has some ordered aggregated polymer chromophores
and some disordered polymer chromophores. While we can only hypothesize that these two populations
are correct, we find that these two populations provide the best fits to the data. The entirety of the
absorption perpendicular to the pore axis is attributed to an isotropic population: a small fraction of
polymer chains that are coiled and isolated in the pores and absorb equally strong in the perpendicular
and parallel directions. The population of polymer chains aligned with the pore axis composes the
remaining parallel absorption once the isotropic component is removed from the parallel absorption
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Figure 7.4 Fits demonstrating the contribution of ordered and amorphous populations within (a)
P3HT chains that absorb light parallel to the pore axis and are therefore well aligned in the pores (b)
P3HT chains that absorb light perpendicular to the pore axis and are therefore coiled and disordered
(c) aligned MEH-PPV chains that absorb light parallel to the pore axis and (d) disordered MEH-PPV
chains that absorb light perpendicular to the pore axis.
spectra. Both absorption spectra components for both polymers are analyzed using a model developed
by Spano et al.16,34 This model assumes that there is an ordered aggregated fraction of each absorption
spectrum that follows a well-defined vibronic progression as well as a disordered amorphous part of each
absorption spectrum. The details of the specific Poissonian vibronic progression are given in the SI. The
aligned fraction of the P3HT film consists of approximately 60% ordered chains and 40% disordered chains.
The isotropic fraction conversely is only 30% ordered and 70% disordered. The difference between the
aligned and the isotropic fraction in encapsulated MEH-PPV is less pronounced, 70% ordered in the
aligned fraction and 60% in the isotropic fraction. MEH-PPV has less well-defined vibronic peaks in the
absorption spectra.
Comparing the absorption spectrum of MEH-PPV encapsulated in pores to a spin-cast MEH-PPV
film (Figure S1), the fraction of ordered chains in a spin-cast film is similar to that in the aligned population
in the pores, but the peaks are broader and blue-shifted in the spin-cast film. Straightening MEH-PPV
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chains does not appear to increase the percent of polymer chain segments that are ordered. In
comparison, for P3HT, which is an H-aggregation-dominant polymer, encapsulation results in an enhanced
ordered fraction relative to the unencapsulated P3HT film. Straightening the polymer chains appears to
have a larger effect on H-aggregation dominant P3HT. In addition, the absorption from unencapsulated
films is red-shifted relative to a polymer film, a result that is opposite to that observed for MEH-PPV.
Apparently, aligning the backbone of amorphous J-aggregation dominated MEH-PPV aids exciton
delocalization, while aligning the backbone of H-aggregation dominant P3HT hinders exciton
delocalization, presumably because of the lack of 2D delocalization in the nanoscale silica pores.
Figure 7.5 shows the normalized emission data compared to spin coated film, allowing us to better
see the change in peak ratios caused by aligning within the mesoporous silica system. In this figure we
are comparing the emission of polymer chains that absorb and emit light parallel to the pores axis with
those that both absorb and emit perpendicular to the pore axis. In Figure 7.5a, the relative height of the
PL0-0 and PL0-1 peaks of the P3HT spin coated film and the most aligned polymer chains show that there is
almost no change in the aggregation behavior of highly aligned P3HT. The 0-1 peak intensity is still the
highest, indicating that the H-aggregate nature of P3HT does not change when placed in these confined
pores and further, that it is possible to have dominant H-aggregate behavior even where crystallinity is
not possible. The least ordered chains, those that absorb and emit light perpendicular to the pore axis,
most likely because they are coiled within defects in the film, show a decrease in PL 0-1/PL0-0 peak ratio.
This indicates that disorder in P3HT prevents π-stacking interactions.
We can also see that even the most ordered P3HT chains within the pores have emission that is
shifted to higher energy relative to unencapsulated P3HT films. While a small part of this change may
come from a change in the dielectric environment of the chains when they are surrounded by silica, we
attribute the majority of this change to the quantum confinement of the exciton. P3HT excitons in
crystalline films tend to be fully delocalized in two directions however the short axis of the pores allows
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for so few chains to interact that interchain exciton delocalization is not possible over long distances,
similar to the case of absorption.

Figure 7.5 Normalized photoluminescence data for (a) MEH-PPV and (b) P3HT demonstrating the
change in PL0-0/0-1 ratios between populations that absorb and emit parallel to the pore axis (‖, ‖) as
compared to perpendicular to the pore axis (Ʇ, Ʇ).
Interestingly, MEH-PPV emission data shows nearly opposite trends to P3HT in every way. Most
notably, the most ordered polymer chains, those that absorb and emit parallel to the pore axis have an
increase in the relative 0-0 peak intensity. This peak increase suggests that even though MEH-PPV in a
spin coated film is traditionally a J-aggregate polymer, the exciton coherence length is relatively short and
can be increased by forcing the polymer chains to be straight over a longer length scale. Further, we can
see even within this confined environment, forcing the chains to by physically close to each other by
aligning MEH-PPV chains with the pore axis is not sufficient driving force to induce interchain interaction
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or π-stacking. These results are consistent with previous studies that used temperature to induce order
and chain straightening. Even when coolsed to 110 K, MEH-PPV continues to show properties similar to
those of a single chain and very little interchain interaction.14,35

Figure 7.6 Photoluminescence fits of P3HT chains that absorb and emit (a) parallel and (b)
perpendicular to the pore axis and MEH-PPV chains that absorb and emit (c) parallel and (d)
perpendicular to the pore axis.

To better understand these effects, we analyzed the photoluminescence spectra to quantify Haggregation in these polymers. Similar to the approach used in analyzing the absorbance data, two distinct
populations of polymer chains were identified in the photoluminescence spectra of the polymers, shown
in Figure 6. Specifically, there are two populations present in each film’s photoluminescence spectra: one
largely aggregated population that is aligned with the pore axis (dashed lines, Figure 6), and an isotropic
population (dotted lines, Figure 6). Based on theory of HJ-aggregates from Spano and coworkers, the
photoluminescence spectra of each of these components can be modeled as a series of evenly spaced
Gaussians weighted by a factor of frequency cubed, as detailed in the SI (Ref 38). The model for the
emission is different from the absorption, because only the 0-0 emission band is strongly affected by the
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degree of aggregation. In the PL model, the PL0-1 to PL0-0 ratio is used to extract the exciton coherence
number, which is a measure of exciton delocalization, while the PL0-1 to PL0-2 ratio is more sensitive to
intra-chain or J-like coupling. In this way, the HJ nature of the exciton can also be examined using the PL
data.
We begin by considering the isotropic component of both polymers. For both MEH-PPV and P3HT,
the isotropic components of the photoluminescence spectra have the same basic shape, where the ratio
of PL0-1 to PL0-0 peaks is approximately equal to the Huang-Rhys parameter squared of each polymer. This
ratio indicates that the isotropic population of polymer chains for both polymers consists of mostly
isolated chromophores where the polymer is highly coiled within defects in the porous film, destroying
any along-the-chain coupling and having very short conjugation lengths.
For MEH-PPV the PL0-0/PL0-1 peak ratio of these isotropic polymer chains suggests that this
population demonstrates more H-like behavior than is typically seen in poorly π-stacking polymers like
MEH-PPV. We do not expect that this is an increase in π-stacking behavior, but instead is attributed to
the disruption of the conjugation along the backbone and therefore the end-on chromophore J-aggregate
coupling. In contrast, to obtain the observed PL0-0/PL0-1 peak ratios for the isotropic populations of P3HT
requires a decrease in the PL0-0 peak intensity relative to pure films or aligned polymers in pores,
suggesting that this disorder has a larger effect on the π-stacking behavior and therefore the side-to-side
chromophore coupling.
Next, we examine the more ordered polymer chain populations, those that are aligned with the
axis of the pores. In all samples measured in Figure 6, for the aligned populations of P3HT, the PL 0-1 peak
is dominant, indicating that π-stacking behavior is maintained. In contrast, MEH-PPV polymer chains that
are aligned show J-aggregate-like behavior with a PL0-0 peaks dominance indicating, once again that even
causing MEH-PPV chains to be highly aligned does not result in an increase in π-stacking.
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We can expand our analysis to compare the exciton coherence length in these different polymer
populations. For polymers like MEH-PPV, where J-coupling dominates, the ratio of the PL0-1 to PL0-0 relates
to the exciton coherence size. For the aligned population of MEH-PPV, the coherence size is 1.35 monomer
units, while the isotropic population has a coherence number of approximately 1, implying the isolated
fraction has truly isolated chromophores. We find that spin-coated MEH-PPV films (Figure S3) have an
exciton coherence length of 1.15 monomer units, indicating that while H-aggregation cannot be induced
by spatial confinement, the exciton coherence length is increase by nearly 20%.
We can also compare the data in Figure 6, where the excitation and emission light are polarized
in the same direction, to the photoluminescence data in Figure S2, where the polarizations are mixed.
Unlike the parallel/parallel and perpendicular/perpendicular emission, data measured with crossed
polarizers should dominantly report on populations that have undergone energy transfer. For P3HT, the
parallel/parallel PL spectrum consists of 95% the aligned component, and only a small amount of the
isotropic component, while all of the other three polarization combinations have equal amounts of the
aligned and isotropic component (Figure S2 a, b). This suggest that all of these polarization combinations
are dominated by isolated chains that are not well connected to the aligned component of the sample
and thus cannot exchange excitations via energy transfer.
For MEH-PPV, in contrast, the behavior is quite different. All polarization combination with
perpendicular excitation again show roughly equal amounts of the aligned and isotropic components. The
isolated chromophores that make up the isotropic contribution to the emission are present at similarly
low levels in all the data with excitation light parallel to the pore axis, regardless of the emission light
direction.

That means that the isotropic fraction in both the parallel/parallel and the

parallel/perpendicular emission data is an order of magnitude less than that in the other two polarization
combinations. This result suggests that the parallel/perpendicular PL is dominated by the aligned fraction
of the sample. Importantly, that indicates that the aligned population must have an approximately 10%
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off axis component, arising either from a physical distribution in the polymer chains or the silica pores, or
from an off axis component of the emission transition dipole.
By combining the fits of the photoluminescence spectra and the absorption spectra of the aligned
and isotropic components, an estimate of the spatial correlation is obtained. The spatial correlation
parameter (𝛽) is defined by Equation S6, and calculated in more detail in the SI. 39 The spatial correlation
parameter, also called the disorder parameter, is defined as a function of l0, the spatial correlation length
in units of lattice spacing (𝛽 ≡ 𝑒

−1⁄
𝑙0 ).

𝛽 goes to 0 when there is no spatial correlation and high disorder,

and tends towards 1 when the spatial correlation is infinite and disorder is low. The isotropic fraction of
both P3HT and MEH-PPV have spatial correlation parameters of 0.68 and 0.75 respectively, implying they
have low long-range spatial correlation, as expect for isolated chromophores, such as those coiled inside
defects in porous films. The aligned populations of both MEH-PPV and P3HT have higher spatial
correlation parameters relative to the isotropic fraction, with values of 0.84 and 0.94, respectively. This
means that both polymers have better spatial correlation and thus less disorder when the chains are
highly aligned parallel to the axis of the pores. This increased spatial correlation is particularly pronounced
for P3HT, the H-aggregate-dominant system.
The relative fractions of each component that makes up each photoluminescence spectrum
provides insight into the populations. For P3HT, photoluminescence the isotropic progression makes up
an approximately equivalent amount of the absolute intensity of each polarization combination of the PL
spectra, which indicates that the isotropic population has an isotropic distribution of absorption and
emission dipoles. For P3HT, the parallel excitation and emission spectrum consists of 95% the aligned
component, and only a small amount of the isotropic component, while the other three polarization
combinations have equal amounts of the aligned and isotropic component. MEH-PPV is a different case,
however. The largely isotropic isolated chromophore population is present at similar amounts in the ||
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|| and || Ʇ and about an order of magnitude less in the other two polarization combinations. The mostly
aligned fraction is most prominent in the PL for excitation and emission polarized with the pore axis.
Mixed polarizations emit an order of magnitude less than || || and an order of magnitude more than Ʇ
Ʇ. Based on the relative composition of each fraction, the aligned population of MEH-PPV encapsulated
in pores has 10% absorption and 10% emission off-axis. The more isotropic fraction absorbs more in the
parallel direction without having a strong preference for emission direction, assuming there is no net
energy transfer between the two populations. Based on the relative fraction of each component present
in each PL spectrum, polarization is clearly a useful knob to tune the microstructure probed in a polymer
sample.
7.3 Conclusions
By comparing populations of P3HT and MEH-PPV, which typically have opposite aggregation
behavior, in our system of aligned mesoporous silica we can draw a better understanding of the ways in
which order without crystallinity and disorder change the exciton delocalization behavior in these two
prototypical polymers. Encapsulation into mesoporous silica straightens and aligns a significant fraction
of the polymer in the composite, and by polarizing the excitation light parallel to the pore axis, we can
selectively study this ordered population. There is also an isotropic population present that is able to
absorb and emit light perpendicular to the pore axis, which we have concluded is made up of highly
disordered chains and is comprised of mostly isolated chromophores.
By comparing these populations in both absorption and emission for P3HT, we conclude first that
for H-aggregate dominant polymers like P3HT, the so-called crystalline shoulder often observed in ordered
spin-coated films arises not directly from crystallinity, but instead from the straightening of the polymer
backbone that leads to more along-the-chain exciton delocalization. As such, the same behavior can be
generated using means other than crystallization to straighten the polymer backbone. Despite the
increased j-like coupling, P3HT in pores is still H-aggregate dominated, and so, while H-aggregation drives
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crystallization, H-aggregation can also occur without crystallization. Aligning the polymer backbone in an
H-aggregate dominated polymer helps increase the overall order of the polymer in the aligned direction,
as seen in both the absorption and PL.
We find for dominantly J-aggregated polymers, such as with MEH-PPV, however, that
straightening the polymer backbone does not help increase the order of the film, as seen in the decrease
in spatial correlation numbers, and also does not promote interchain π-stacking or H-like interactions.
Instead, the dominant effect of alignment in MEH-PPV is to further increase the J-coupling by
straightening the polymer chains. Interestingly, although it may be expected that exciton delocalization
is always increased by the order enforced on the polymer when the chains are straightened, we do not
find this to be universally true. Exciton delocalization in the aligned pores increases for J-aggregates
because this system is dominated by along-the-chain coupling. It is hindered for H-aggregate dominated
P3HT, however, due to finite size effects in the pores, leading to shifts in the absorption and PL spectra.
This demonstrates the importance of π-stacking behavior in order to facilitate 2D exciton delocalization,
particularly in H-aggregate dominant polymers.
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7.4 Supplementary Information
Experimental Methods
Mesoporous Silica Synthesis
Aligned porous silica samples were prepares via a previously reported hydrothermal synthesis
method.33 A hydrophobic coating was added to the porous silica films by soaking the films in a 1:1 ratio of
hexamethydisilizane (HMDS) and chlorotrimethylsilane for 2 hours. Films were then rinsed with acetone.
P3HT solutions were 1% by mass in o-dichlorobenzene. MEH-PPV solutions were 1% by mass in
chlorobenzene. Silica films and solutions were heated to 80⁰ C and film was immersed in polymer solution.
Film and solutions were packaged in foil and heated at 80⁰ C overnight to allow for polymer infiltration
and slow solvent evaporation. After polymer incorporation, films were gently rinsed with the polymer
solvent to remove any excess polymer not infiltrated into the pores.
GISAXS
Two-dimensional grazing incidence small-angle x-ray scattering (2D-GISAXS) data were collected
at the Stanford Synchrotron Lightsource (SSRL) using beamline 1-5 with a wavelength of 0.1033 nm
operated at an X-Ray energy of 12.002 keV and detector distance of 2.870 m using a Rayonix-165 CCD
detector. The data was then calibrated with silver behenate and reduced, baselined and the peaks were
fit using the Nika package from Igor Pro.35
Optical Measurements
Absorption measurements were taken on a Perkin Elmer Lambda 25 UV/Vis Spectrometer, with a
polarizer in front of the sample. Background scattering was subtracted from films. The spectrometer was
normalized for absorption from the polarizers and the mesoporous silica.
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Photoluminescence spectra were taken on a Princeton Instruments Acton SP2300 with a Pixis
detector. Samples were excited with an Oriel Instruments (7990) 535 nm laser with 30mW power. The
incoming light was polarized to either 45 or 135 degrees relative to vertical before exciting the film. The
films were similarly angled at 45 or 135 degrees relative to vertical and the fluorescence was collected by
a lens. A second polarizer also angled at 45 or 135 degrees collected allowed only light of a particular
polarization through. Excitation light was removed using a small beam block and a Schott OG 550 and OG
570 filter, which were followed by a depolarizer before the light was focused into the Acton SP2300. All
spectra were corrected for any dark noise present, as well as for loss of signal due to absorption by the
filters. All photoluminescence spectra were averaged over 20 scans with each polarization combination
geometrically averaged with its equivalent polarization combination where the film was rotated 90
degrees to remove any bias from the excitation source or the detector. A single spot on a film was
illuminated for each polarization combination, and multiple spots were averaged together to produce the
final spectrum for each film.
Absorption Fitting
Absorption spectra were analyzed using Frank Spano’s HJ-aggregate model. (Spano2006 Fermi
Resonances, Clark2009) The model predicts the ordered part of the UV-Vis spectrum as a series of
evenly spaced Gaussians, governed by the following equations:

𝐴(𝜔) ∝ ∑𝑚=0.

𝑊=

𝑒 −𝜆 𝜆𝑚
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The absorption of the ordered part of the UV-Vis spectrum as a function of frequency depends on λ, the
Huang-Rhys parameter of a polymer, taken to be 1 for P3HT(ref Spano2005) and 1.1 for MEHPPV(ref
Yamagata2013 The red phase). The lineshape function Γ is a peak normalized Gaussian that has a width
that is fit based upon the absorption spectrum, and that width is the same for each Gaussian in the
progression. E0 is the starting energy of the vibronic progression and is also fit based upon the
absorption spectrum. ω0 is a constant for each polymer, 0.174 eV for P3HT(Spano2005 Absorption) and
0.17 for MEH-PPV(ref Yamagata2013 The red phase), and is the energy spacing of the peaks in the
vibronic progression. ω0 represents the energy of the symmetric ring stretching and breathing mode. It
also is a function of W (Equation 2), which depends on the ratio of the first two vibronic peaks in the
absorption spectrum, the peak spacing energy, and G (Equation 3), a function that depends on the
Huang -Rhys parameter. E0 and the peak widths were optimized to best reproduce the rising edge of the
absorption spectrum. The parameters from the fits are summarized in Table 1.

301

Table S1: UV-Vis Absorption Modeling Parameters of MEH-PPV and P3HT

MEH-PPV

E00

Spacing

(eV)

(eV)

W

Lambda

Width
(eV)

Aligned

2.27

0.170

0.049

1.1

0.087

Isotropic

2.35

0.170

0.095

1.1

0.104

Aligned

2.07

0.174

0.046

1

0.080

Isotropic

2.06

0.174

0.085

1

0.084

MEH-PPV Spin-cast

2.31

0.170

0.035

1.1

0.092

P3HT Spin-cast

2.06

0.174

0.130

1

0.077

Encapsulated
MEH-PPV
Encapsulated
P3HT
Encapsulated
P3HT
Encapsulated

Photoluminescence data fitting
The photoluminescence spectrum is governed by a similar equation(ref Paquin2013):
2

𝐼 (𝜔) ∝ (ħ𝜔)3 𝑛3 (𝜔)𝑒 −𝜆𝑒𝑓𝑓 [𝑎𝛤(ħ𝜔 − 𝐸0 ) + ∑𝑚=1,2,...

𝜆2𝑚
𝑒𝑓𝑓
𝑚!

𝛤 (ħ𝜔 − 𝐸0 − 𝑚ħ𝜔0 )]

(4)

The intensity of the photoluminescence spectrum as a function of energy depends on the onset energy
of the PL spectrum E0, the peak spacing frequency, ω0, and the index of refraction n as a function of
energy. The index of refraction is assumed to be constant across the spectral range used. There is also a
scaling factor, a, between the first vibronic peak PL0-0 and the other peaks in the vibronic progression.
The effective Huang-Rhys parameter is allowed to vary and is not equal to the true Huang-Rhys
parameter used in fitting the absorption spectra. The lineshape function Γ is a peak normalized
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Gaussian that has a width that is fit based upon the PL spectrum, but that width is equal for all peaks in
the same vibronic progression.
For each aligned samples, the PL spectra of ||, Ʇ|, and ꞱꞱ were fit simultaneously using a least
squares regression model. The |Ʇ was not included in the original fit as the first two vibronic peaks
appear to be spaced anomalously close together and to have narrower widths, perhaps due to selfabsorption or energy transfer effects. The relative intensities of the PL spectra were used to weight
each spectra. Each PL spectrum was assumed to consist of a sum of two components, each of which
followed the form of Equation 4. E0 and the effective Huang-Rhys parameter and the width of the
Gaussian peaks were allowed to vary for each spectral component, but the two spectral components
had fixed shapes between the three PL spectra for each polymer. As in, the aligned P3HT population’s
emission has the same shape, only different intensities, in each PL spectrum. Once the shape of the
aligned and isotropic PL components were generated, a least squares regression was used to estimate
how much of each component was needed to best reproduce the PL spectrum of |Ʇ for each polymer,
keeping the shapes of each component the same as for the other three spectra. The unencapsulated
spin-cast films were modeled each as a single vibronic progression. The widths were the same for each
peak in the vibronic progression, and the peak spacing was kept the same as the UV-Vis fits and the PL
fits of the encapsulated polymers. While it might be possible to model the PL spectra as the sum of two
populations, the parallel and perpendicular spectra for the unencapsulated PL spectra are highly similar,
making it difficult to assign two progressions cleanly. The values for the fit spectra are shown in Tables 2
and 3.
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Table 2: Photoluminescence fitting parameters

MEH-PPV

E00

Spacing

(eV)

(eV)

PL01/PL00 PL02/PL00

width
(eV)

Parallel

2.09

0.170

0.89

0.31

0.062

Isolated

2.08

0.170

1.30

0.20

0.073

Parallel

1.94

0.174

1.58

0.71

0.074

Isolated

1.97

0.174

1.20

0.68

0.070

MEH-PPV Spin-cast

Parallel Emission and

2.11

0.170

1.05

0.05

0.067

PL

Excitation

MEH-PPV Spin-cast

Perpendicular Emission

2.09

0.170

1.09

0.05

0.067

PL

and Excitation

P3HT Spin-cast PL

Parallel Emission and

1.89

0.174

2.02

0.32

0.071

1.89

0.174

1.93

0.31

0.071

Encapsulated PL
MEH-PPV
Encapsulated PL
P3HT Encapsulated
PL
P3HT Encapsulated
PL

Excitation
P3HT Spin-cast PL

Perpendicular Emission
and Excitation
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Table 3: PL0-0 Peak Intensity of PL Fits
Component Peak
PL0-0 Peak Heights

P3HT

MEH-PPV

Aligned

Isotropic

|| ||

0.0886

0.0200

|| Ʇ

0.0175

0.0175

Ʇ ||

0.0199

0.0236

ꞱꞱ

0.0135

0.0165

|| ||

0.0854

0.0200

|| Ʇ

0.0045

0.0165

Ʇ ||

0.0054

0.0028

ꞱꞱ

0.0004

0.0031

305

Figure S1 Photoluminescence data and Gaussian progression fit of pure, spin-coated film of P3HT
with polarizers (a) parallel to each other and (b) perpendicular to each other and MEH-PPV with
polarizers polarizers (c) parallel to each other and (d) perpendicular to each other

Figure S2. Mix polarizer photoluminescence data
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To draw insight from the fitted PL spectra, some applications of Spano’s models were used to
calculate relevant photophysical parameters. As stated in the main text, for J-aggregation dominant
polymers, the coherence number can be calculated. Specifically, the coherence number NCoh is
calculated by the following formula:

𝑁𝐶𝑜ℎ =

𝑃𝐿0−0

(5)

𝑃𝐿0−1𝜆2

Where λ is the true Huang-Rhys parameter, assumed to be 1.1 for MEH-PPV. (Spano2011)

Additionally, the spatial correlation parameter, β, can be derived from the PL and absorption spectra of
a given population. β is given by Equation 6,(Paquin2013) where W is derived from the absorption
spectrum, as shown in Equation 2, σ is the half-width of the peak at 1/e of the maximum peak intensity,
and F is given by Equation 7. l0 is the spatial correlation length in units of lattice spacing, so a β of 0
implies no spatial correlation length and high disorder and a β of 1 implies infinite spatial
correlation.(Engman2012,Spano2005)
𝛽=

𝑃𝐿
𝐹𝜎 2𝑊 −2 − 0−0⁄𝑃𝐿

0−1

𝑃𝐿
𝐹𝜎 2𝑊 −2 + 0−0⁄𝑃𝐿

≡𝑒

−1⁄
𝑙0

(6)

0−1

𝐹=

3.69(1−0.24𝑊/𝜔0 )2

(7)

(1−0.39𝑊/𝜔0)2
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Chapter 8 Conclusions
Semiconducting polymers have long been thought of as a promising area of study as a counter to
inorganic semiconductors that are expensive, inflexible and non-renewable. Semiconducting polymers
have many advantages including their low coast, flexibility and structural tunability. Despite these many
advantages, semiconducting polymers undoubtedly have demonstrated lower device performance than
their inorganic counterparts due to their low conductivity caused by lack a mobile carriers and disorder
within the system that decreases carrier mobility. However, because of high levels of tunability and
solution-processability in this class of materials, many strides have been made to overcome these
challenges.
This thesis has shown that it is possible to improve to conductivity by many orders of magnitude
via molecular doping and that molecular doping is a feasible approach to thicker films that are more suited
to real life applications. In addition to demonstrating that the performance can be improved, one of the
key results of this work is demonstrating the importance of fundamental structural studies in order to
have a better big-picture understanding of the system. From our studies of molecular doping with
dodecaborane-based dopants we find structural changes that demonstrate that all molecule dopants used
in semiconducting polymers will go into the lamellar side chains of the polymer. This is a crucial finding
because it demonstrates that this method of doping will always result in carriers with good spatial
separation from the new positive carrier and therefore good mobility. While, we have not studied the
ability of these DDB dopants to dope thick films for thermoelectric applications, our depth profiling studies
on thin films and our work demonstrating that thick films can be doped with small dopants even when
there is no solvent present suggests that these DDB-based dopants will be applicable beyond fundamental
studies and can be used for real device applications.
We have also shown through out fundamental studies of polymer structure and morphology
manipulation, the extent to which polymer structure can be tuned to achieve a desired morphology and
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the importance of these types of studies in gaining a bigger pick about the ways that polymer chains
aggregate and assemble with each other. In one of the first detailed studies of conjugated deblock
copolymers we showed that polymer-self assembly can be controlled via molecular weight and that
different morphologies of mixing versus phase separation show different conductivity results. These
findings suggest that for other sets of block copolymers, it is possible to tune the polymer to achieve a
desired morphology simply by changing the molecular weight. We also find that conductivity can be
improved in alternating block copolymers by designing a system that causes polymer chains to selfassemble into straight cylindrical micelles, suggesting a promising potential route for a class of polymers
with low defects and therefore higher conductivity.
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