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Professor Mark Goorsky, Chair

Thermocompression bonded gold-gold (Au-Au) interfaces were investigated
using electron microscopy to study the micro- and nanostructure post-bonding. Analysis
of scanning electron microscopy (SEM) images of Au-Au interfaces at different bonding
temperatures, ranging from 150 °C to 250 °C, produced a relationship between the size,
shape and distribution of interfacial voids and the quality of the bond. The lowest
bonding temperature, 150 °C, had the highest linear and area fraction of voids, as
measured from cross-sectional and plan-view SEM images, respectively. The 250 °C
bonded devices had the highest hermetic test yield and the lowest void linear and area
fractions of the temperatures measured. Cross sectional images of the voids in the 250 °C
sample show that voids appear to exist at the triple boundary between the bonding
interface and two grains on one side of the interface.
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Transmission electron microscopy (TEM) was used to investigate the growth of
grains in Au-Au thermocompression bonded interfaces where one of the Au layers is
nanotwinned (ntAu). During bonding, the ntAu was shown to partially “detwin”,
resulting in a large grain that extends across the bonding interface, which may be
indicative of high quality bonds. TEM images of the interface identified grains in the
non-nanotwinned Au layer that either did or did not extend across the interface and
electron diffraction was used to determine the orientation of each grain. The grains which
had (111) planes oriented within 17° of the (111) plane in the ntAu layer grew across the
interface while those with larger orientation angles did not. There was no correlation
between cross-interfacial growth and orientation of the (100) plane. Additionally, gallium
arsenide (GaAs) nanostubs deposited on silicon (Si) were investigated to study the
production of stacking faults, including nanotwins, at different growth temperatures (590
°C, 605 °C and 620 °C) and its possible role as a strain relaxation process in the latticedmismatched GaAs-Si interface. All nanostubs imaged using TEM showed stacking faults,
with the highest area fraction of stacking faults in the 605 °C sample. This sample also
was the only temperature to produce imaged nanotwins. The strain the GaAs was
measured using the fast Fourier transform (FFT) of the TEM lattice images and was
found to be lowest in the 605 °C, leading to a potential correlation between stacking
faults and/or nanotwins and strain relaxation.
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Chapter 1:

Background and Theory

1.1 Wafer Bonding
Background and Motivation
Soon after the invention of the solid-state transistor, scientists and engineers
sought the invention of a single module that would contain all of the components of the
electronic switch. In 1958, Jack Kilby demonstrated the first integrated circuit and started
the decades long development of smaller and faster transistor systems [1]. Companies
and institutions required more computing power each year, which lead to a constantly
growing demand for faster chips, which could mainly be met by shrinking the size of the
transistors on the semiconductor die. Electrical engineer and Intel co-founder, Gordon
Moore, noticed the number of transistors on a die was increasing at rate of about doubling
every two years [2]. This rate is now known as Moore’s Law and is a basis for predicting
the development of improved integrated circuits.
Moore’s Law has not always been easy to keep up with and has inspired the
discovery and development of many new methods of fabricating IC’s and “cramming
more components” into the same space [3]. After Moore made his famous observation,
chipmakers have kept up the 2x - 2 years rate, turning the law into a self-fulfilling
prophecy. This has prevented the industry from stagnating as new techniques and
technology quickly replaces those that are starting to taper off. However, as the size of
transistors shrinks below 14 nm [4], there may be a limit to how much smaller we can go.
An approach to increasing the density and performance of microsystems is to
build the structure in three dimensions, rather than the traditional two. Three-dimensional
integrated circuits (3D IC) technology is an approach to designing and fabricating chips
1

where multiple layers of active electronic device structure are vertically built and
integrated [5-7]. With a 3D IC structure, the same amount of logic can fit onto a smaller
footprint, increasing device density and lowering the average length between components
in the chip, which lead to lower resistive power loss, electrical interference and parasitic
capacitance. When a system is integrated onto a single chip, the bandwidth and speed of
intra-system connections is much higher than would be if the chip had to communicate
with other chips. The design options of 3D IC structures have a large potential and can
allow for novel and creative chip designs in the future.
Wafer Bonding Techniques
Metal-to-metal thermocompression bonding, and in particular gold-gold (Au-Au)
bonding, is frequently used for both MEMS structures and for integration of a
combination of different device structures, including III-V and silicon integration [7, 1113]. Thermocompression bonding is attractive for these structures due to the lower
necessary temperatures compared to solder bonding, while producing high bond strength,
accompanied with good electrical conductivity and hermeticity. Thermocompression
bonding relies on diffusion of atoms in the bonded materials to create a robust bond;
therefore metals such as copper, gold and aluminum are common materials for
thermocompression bonding due to their high diffusivities. Typically, the necessary grain
growth for high quality bonds requires elevated temperatures and longer annealing times
in order to promote sufficient diffusion across the bonding interface [14].
Investigations have shown that room temperature compression bonding of
titanium-titanium can produce crystalline Ti grains that exist across the former interface
[15]. The new interface forms a zig-zag shaped pattern along the boundaries of the grains
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that have grown across the former interface, however, this ‘growth’ extends only 2 - 3 nm
into the opposite layer. Copper (Cu) bonding is frequently used for silicon devices, but
the surface oxide layer prevents grain growth across the interface [16]. Sufficient force
and temperature must be applied to cause grain growth across the bonding interface and
create a good bond. Surface oxides do not form on Au and thermocompression bonding
using Au-Au can produce strong bonds. High yield hermetic bonds using an Au-Au
system can be formed at temperatures below 200 °C. Further research is attempting to
bring the bonding requirements even lower to allow for lowered stress on devices in more
diverse applications.
1.2 Nanotwinning
Background
Crystal twinning is a phenomenon in which the crystal is mirrored in structure
across a planar boundary, called the twin boundary [17]. The positions of the atoms on
one side of the boundary are in the mirrored position of the other. Twinning can be
mechanically introduced through the motion of edge dislocation. Mechanical formation
of twins can prevent further plane slippage by acting as a slip barrier. Twins can also be
formed in FCC metals after deformation and subsequent annealing, although the
mechanism of this formation is not agreed upon [18].
Face-centered cubic (FCC) and hexagonal close packed (HCP) form the two close
packed crystal structures. These two crystal structures have identical atomic packing
factors of 0.74 but differ in the way the (111) planes stack. In FCC crystals, also known
as cubic close packed, (111) planes stack in a repeating ABCABCABC… stacking
sequence, while HCP crystals stack in a repeating ABABAB… stacking sequence.
Although the two close packed structures share the same coordination number and
3

packing densities, they can exhibit different properties. FCC metals are typically more
ductile than HCP metals, due to FCC having three closed packed slip systems – the
{111} planes in the <1-10>-type directions – while HCP only has one closed packed slip
system – the basal (0001) plane in the <11-20>-type directions.
Twinning in FCC often occurs during deformation across these slip planes due to
their low stacking fault energies. In an FCC crystal exhibiting twinning, the stacking
pattern will form the sequence ABCABACBA… where the bolded B plane of atoms is the
twin boundary. The two planes immediately around the twin boundary form an …ABA…
stacking pattern and could be described as having a localized HCP structure. The regions
farther from the twin boundary on either side have regular FCC stacking patterns,
although in mirror images of the other.
Nanotwinning
In a single crystal or grain of an FCC material with multiple (111) twin
boundaries, there will be regions of “normal” and “inverted” stacking separated by the
twin boundaries (ABCABACBACBABCA). As the spacing between twin boundaries
decreases, the fraction of HCP-like stacking observed around the boundary increases. At
a boundary spacing of three planes (ABCBACABCBA), FCC-like and HCP-like stacking
exist locally overlaps across all planes. This type of stacking pattern of periodic twinning
on the nanoscale is called nanotwinning.
Nanotwinning in metals has received recent attention as an effective strengthening
technique. Grain boundaries serve as effective barriers to slip motion, and decreasing
grain size to increase grain boundary density has been a common metallurgical
strengthening technique for hundreds of years. However, grain sizes on the scale of a few
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nanometers are often unstable and grain coarsening will occur to grow grains to stable
sizes [19]. Nanotwinning is a possible alternative strengthening method with higher
stability than nanoscale grain size reduction. Copper containing a high density of
nanotwins has been demonstrated to exhibit increased mechanical strength while
maintaining similar conductivity to normal polycrystalline Cu and having a higher
thermal stability than ultrafine, nanoscale-grained Cu [20-22]. Nanotwinned Cu is an
attractive material for MEMS devices since the increased strength can allow for designs
that utilize more robust components with smaller feature sizes. Additionally,
nanotwinning may mitigate the mass transport effects of electromigration in Cu
interconnects, leading towards smaller more reliable interconnects for future 2D- and 3DICs.
1.3 Electron Microscopy
Scanning Electron Microscopy
Scanning electron microscopy (SEM) was commercially introduced in 1965 and
uses a highly focused electron beam to create a magnified image from an array of
scanned pixels. The electron beam is focused on the sample, exciting and scattering
electrons which are collected by a detector to determine the monochrome value of the
pixel at that location. As the beam scans across the sample area, it generates an image.
Unlike a typical optical microscope, the lenses in an SEM do not magnify the beam but
instead control the beam’s properties: current density, spot size, convergence angle and
scanning position. The limiting factor for resolution of an SEM is the spot size, or the
area from which the scanning beam produces the electrons (or other signal) collected by
the detector, and is around a few nanometers.
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The two primary signals collected for SEM imaging are backscattered electrons
and secondary electrons. Backscattered electrons are the electrons which are scattered by
the sample and reflected back towards the backscattered electron detector (BSED). BSED
has a relatively high signal efficiency, defined as the ratio between the intensity of the
collected signal to the intensity of the incident beam, which increases with atomic
number and ranges from around 7% for scattering from carbon to >50% for scattering
from lead atoms. Contrast in BSED will largely be affected by composition, with
materials of higher Z appearing brighter than those of lower Z. The BSED is a line-ofsight type of detector because the long mean free path due to the high vacuum in the
SEM chamber allows the scattered electron to follow a linear path after scattering.
Secondary electrons are electrons excited and ejected from the atoms in the
sample. These electrons have a relatively low energy compared to electrons that are
inelastically backscattered. Secondary electron generation is generally less efficient than
that for backscattered electrons and does not change with atomic number of the sample.
Everhart-Thornley detector (ETD) is a type of electron detector surrounded by a metal
cage with a low applied positive voltage in order to attract more low-velocity secondary
electrons than would otherwise miss the detector if travelling along a line-of-sight path.
Although secondary electron generation is independent of Z, the detector also attracts
low-velocity backscattered electrons that have lost some of their kinetic energy through
one or more in collisions and therefore Z-contrast will be observed from low-energy
backscattered collection and high-energy backscattered electrons that travel in a line-ofsight to the ETD.
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Backscattered electrons have a wide energy distribution due to the varying
number of elastic and inelastic collisions each electron experiences. High energy
backscattered electrons have few elastic collisions and will therefore only scatter from
near where the beam hits the sample. Low energy backscattered electrons may have many
collisions and can enter and exit the sample a large radius from the incident spot.
Secondary electrons have lower energy (<50 eV) and will not be able to exit the sample
except near the spot where the incident beam hits the sample. Therefore, secondary
electron detection has a smaller resolution than BSED. Another signal produced by the
electron beam is the characteristic X-ray spectrum that can be collected for elemental
analysis in energy dispersive x-ray spectroscopy (EDS or EDX). The X-rays are
generated throughout the entire interaction volume and escape the sample more easily
than electrons, resulting in EDX having a larger resolution than either the BSED or ETD.
For both secondary and backscattered electrons, the intensity of the produced
signal is related to the topography of the sample. A surface that is not normal to the
incident beam will produce an interaction volume in a similar teardrop-like distribution to
normal incidence; however, part of the teardrop shape will be close to the angled surface,
which results in a larger number of electron reaching the sample surface to escape and be
collected by the detector. Therefore, high angle surfaces will appear brighter in both the
BSED and ETD. Additionally, different planes will scatter electrons differently, resulting
in crystallographic orientation-based contrast in BSED.
Transmission Electron Microscopy (TEM)
The first electron microscope operated similar to a light-based microscope, where
the source electron beam is projected onto the camera after interacting with the entire
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sample thickness. A transmission electron microscope (TEM) consists of a series of
magnetic lenses that control and focus the electron beam in a column before and after the
sample in order to project a magnified image of the sample or produce a diffraction
pattern. The condenser lens system demagnifies the beam before it hits the sample and
typically contains two apertures, often labeled C1 and C2 in FEI microscopes, to adjust
the spot size and brightness of the beam, respectively. The objective lens is after the
sample along the optic axis and forms the first intermediate image. The intermediate lens
system takes the intermediate image and forms either the diffraction pattern or image for
projection by the projection lens, which determines the magnification of the image. The
image is projected onto a phosphor screen for highly responsive live viewing of the
sample, or onto a CCD camera for image capture.
The primary contrast mechanism for non-crystalline samples is mass-thickness
contrast, where the signal intensity is inversely proportional to the integral of the mass of
the sample along the electron’s path. To have sufficient image intensity, a thin sample
must be used, typically below 200 nm, although higher density materials must be thinned
further in order to be imaged in TEM. An objective aperture aligned with the optic axis
will only allow the bright field (BF) image to be formed using electrons that have not
scattered, called the transmitted beam, which will have intensified mass-thickness
contrast. An objective aperture placed around one of the diffraction spots seen in
diffraction mode will create a dark field (DF) image using only electrons that are scatted
in that direction. DF imaging is useful for isolating crystallographic features, such as
distinguishing grains of a certain orientation or providing contrast for defects with a
particular orientation.
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Phase contrast is a lower intensity TEM contrast mechanism that can be used for
angstrom level resolution and below in high resolution TEM (HRTEM). For HRTEM, the
sample is rotated to such that a crystal plane is normal to the optic axis and an objective
aperture is used with sufficient radius to allow both the transmitted beam and at least one
scattered beam. The transmitted beam that passes through the sample will have a different
path length compared to the scattered beam, which together will have destructive or
constructive interference. The difference in path length is greater along the column of
atoms than in between, creating contrast from the differences in interference. Phase
contrast is a lower contrast mechanism compared to mass-thickness, so the largest
apertures must be used in order to provide sufficient brightness for atomic-level imaging.
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Chapter 2:

Nanotwin-assisted grain growth in Au-Au bonding

2.1 Background
Effective and inexpensive MEMS packaging is a critical step towards the
commercialization of MEMS device applications [23-25]. Complex, freestanding
components in MEMS devices require packaging for adequate protection and
hermeticity, while the packaging method itself must be gentle to prevent damage to the
components. Similarly for 3D-ICs, the packing step must be both mechanically gentle to
protect the 3D structure and interconnects, and thermally gentle to prevent diffusion and
modify the wafers’ contained logic. Additionally, the bonding method for 3D-ICs must
be conductive to allow for intercommunication between device layers.
Metal-to-metal bonding is an attractive solution for MEMS packaging and 3D-IC
integration [10, 11, 26]. Metal barriers have the highest resistance to moisture penetration
of all classes of materials and their ductility allows them to serve as good hermetic seals
[8]. Effective bonds can be formed at low temperatures due to the high diffusivity of
metals like Cu, Au, and Al [27]. Gold bonds have received particular attention due to
their high conductivity, low bonding temperature (below 300 °C) and lack of a
problematic native oxide [27]. Further lowering the temperature and pressure
requirements of Au-Au and other metal bonding will allow for more economical and
diverse MEMS and 3D-IC applications.
Nanotwinning one or both of the bonded metal layers is a possible method of
decreasing bonding temperature and pressure requirements. Although FCC metal
nanotwinned regions have been demonstrated to be more stable and maintain their
10

structure longer than nanoscale, ultrafine-grained metals, they are metastable and will be
expected to coarsen under stress to form larger grains of regular FCC-stacking. This
chapter will discuss the results of low-temperature Au-Au bonding using a nanotwinned
gold (ntAu) layer.
2.2 Methods
The bonded sample consists of two gold-coated substrates that have been bonded
together. Nanotwinned gold (2000 nm) is deposited on metallic interlayers on a silicon
(Si) substrate. Randomly oriented gold (1000 nm) is deposited on an InP substrate. These
two gold layers are shown in Figure 2.1, where the top layer, a, represents the randomlyoriented gold layer and the bottom layer, b, represents the nanotwinned gold layer. The
two wafers are then thermocompression bonded.
Prior to TEM sample preparation, the semiconductor wafer on the randomlyoriented Au side was manually separated from the Au layers. This allowed for direct
cross-sectional extraction without sample dicing by exposing the Au contacts. Crosssectional TEM samples were prepared using an FEI Nova 600 FIB/SEM. TEM imaging
was done using an FEI Titan 300 keV TEM system.
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Figure 2.1. Schematic of the two gold layers at the bonded interface. Top wafer shows
randomly oriented grains whereas the bottom wafer shows columns of nanotwinned
material with (111) out-of-plane orientation

2.3 Transmission Electron Microscopy (TEM) imaging
TEM bright field images of the cross-sectional Au-ntAu bonded interface show
growth of some grains across the former bonded interface. Figure 2.1 is an overview of
the cross-sectional sample, showing the randomly-oriented Au layer and the columnar
grain structure of the ntAu layer. The highlighted Au grain in Figure 2.2(a) straddles the
former interface, extending 150 nm into the originally-nanotwinned layer. Figure 2.2(c)
shows single grain highlighting using dark field TEM imaging to show the continuity of
grains across the bonding interface. Not all regions along the bonding interface show
grains that straddle the interface. Many of the grains other than the highlighted grain in
Figure 2.2(a) and none of the randomly-oriented grains in figure 2.2(b) extend beyond the
bonded interface into the ntAu layer. The columnar nanotwinned grains can be seen

12
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Figure 2.2. (a) TEM bright field image of the Au-ntAu interface showing cross-interface
grain growth. (b) TEM bright field image of the Au-ntAu interface showing no enhanced
grain growth. The bonding interface is marked by the dotted line. (c) TEM dark field
image highlighting a single cross-interface grain.
2.4 Electron Diffraction
Selected area electron diffraction (SAD) using the TEM is used to determine the
crystallographic orientation of individual grains and regions of the bonded Au-Au crosssectional sample. An SAD pattern of the ntAu region, shown in Figure 2.3 shows several
features indicative of its nanotwinned structure. The pattern is indexed to show two sets
of diffraction spots, marked with or without an apostrophe in the figure, which exist in

14

mirror image position across the marked “mirror plane” from their counter-point.
Reflected diffraction patterns like this are found in samples containing crystal twinning
and indicate which crystal plane is the twin boundary. In this sample, the point normal to
the mirror plane corresponds to the (111) plane, indicating that the twin boundary is the
(111) plane. However, this observation alone does not prove the existence of nano-scale
twinning.
Superlattice structures have a periodicity with a period larger than the unit cell of
the crystal and can show up on diffraction patterns obeying Bragg’s law in a similar way
to crystal planes. Since the period is greater than the unit cell, the first superlattice spots
will appear closer to the origin in reciprocal space than the widest spaced planes parallel
to the superlattice. In the SAD of the nanotwinned region, two spots can be seen between
the transmitted beam point and the (111) spot, at (1/3,1/3,1/3) and (2/3,2/3,2/3),
respectively. These spots may correspond to a superlattice that has a period that is three
times the spacing of the (111) planes. As discussed in section 2.4, nanotwinned
FCC/HCP materials can have a (111) stacking pattern of ABCBACABCBA. A nanotwin
of this spacing has a periodic twin boundary every three planes, which would result in a
superlattice with a period of three times the (111) planar spacing. Together with the
mirrored diffraction spots indicating (111) twinning, the two superlattice spots shown in
the ntAu SAD indicate the presence of periodic nanotwinning.
Selected area diffraction is also used to determine the orientation of individual
grains in the randomly-oriented gold layer. Using a selected area aperture on the TEM
with a diameter of either 40 or 200 nm, depending on grain size, ensures that the recorded
diffraction pattern comes solely from the selected grain.
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Figure 2.3. Selected area diffraction pattern of the nanotwinned Au region. Diffraction
spots from the two twinned crystal orientations are indicated with or without an
apostrophe, respectively. Spots covered by the needle are marked with added white
circles. These added spots are: the transmitted beam, (-1/3 -1/3 -1/3), (-111)’ and (200).
2.5 Results and Analysis
Orientation of the grains of the original gold surfaces is a possible contributor to
whether a grain will exhibit growth across the interface. Selected area diffraction (SAD)
patterns are used to determine the grain orientation of particular grains or regions on
either side of the interface boundary. SAD patterns are taken in the grains which
underwent significant grain growth across the bond interface and the grains that do not
exhibit cross-interface growth. Comparing crystalline orientation shows that significant
growth only occurs in grains which have a similar {111} plane orientation to the
nanotwinned (111) planes in the ntAu region. Figure 2.2 shows a cross sectional TEM
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image with SAD patterns at points within the grain and within the ntAu region for (a) a
grain that extended across the interface and (b) a grain that did not extend across the
interface. The SAD pattern for the extended grain in 2.2(a) shows the relative orientation
of the [111] direction in the grain to the [111] orientation of the ntAu region.
In regions in the randomly oriented layer where the grains do not extend across
the interface, the (111) orientations of these grains are not aligned with the (111)
orientations of the surrounding nanotwinned grains. Figure 2.2(b) shows cross a sectional
TEM image of a region that does not show cross-interface growth. SAD patterns from a
randomly-oriented grain and the ntAu region show misalignment of the (111) planes.
These observations suggest the following corollary: a lack of alignment of (111) grain
orientations corresponds to a lack of grain growth across the bond interface.
The {200} family of planes were also used to determine if there is an in-plane
component orientation necessary for cross-interface grain growth. The normal of the
nanotwinned (111) plane is oriented parallel to the normal of the bonding interface. The
{200} family of planes are chosen for their in-bonding-plane component, despite that
these planes also have an out-of-plane component. The angle between the (200) and
bonding plane is 54.74° and will provide information about the relationship between
grain growth and in-plane orientation of the randomly-oriented grains to the ntAu region.
Additionally, the (200) plane is chosen for its visibility on the ntAu diffraction patterns
for ease of comparison.
Crystallographic orientation and cross-interfacial grain growth is related for
eleven grains across three TEM samples of Au-ntAu bonds prepared under identical
conditions. All of the grains exhibiting cross-interfacial growth are determined using
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SAD to have alignment of (111) planes within 17° of the (111) plane of the nanotwinned
region. However, there is no correlation between the (200) plane orientation and crossinterfacial grain growth. Figure 2.4 shows a summary of this data.

(200) Misalignment (degrees)

60

50

40

30

20
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Growth Across Interface
No Growth
0
0

5

10

15

20

25

30

35

40

(111) Misalignment

Figure 2.4. Plot of each measured grain, its (111) and (200) misalignment angles and
whether it grew across the bonding interface.

2.6 Conclusion
In summary, it was found that a grain will grow across the bond interface if its
(111) orientation is aligned within 17° of the (111) orientation of the twin deposited
direction. When this alignment occurs, the higher energy twinned region ‘detwins’ during
the bonding anneal, producing large area grains across the bonded interface. The in-plane
alignment of the randomly-oriented grains did not affect the cross-interfacial grain
18

growth. Ultimately, alignment of (111) planes in the randomly-oriented grains with
nanotwinned structure is required for enhanced grain growth. Future studies may include
investigation of grain growth in bonded ntAu-ntAu samples or ntAu-Au samples where
the growth of the randomly-oriented Au is controlled to prefer a (111) orientation. In situ
investigation using a TEM stage with heater of grain growth of ntAu-Au samples that
have not undergone an annealing step may give a direct insight into the cross-interface
grain growth as it occurs and its relationship to temperature.
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Chapter 3:

Nanotwin defects in GaAs nanostubs

3.1 Background
The high carrier mobility and solar cell power conversion efficiency of III-V
semiconductor materials make them promising alternatives to silicon as the demand for
faster, more efficient devices marches on. Since Si is a mature technology and the basis
of nearly every electronic device, Si manufacturing technology is more developed than
III-V [28]. Wafers of Si can be made larger and cheaper, with a nearly zero defect
density, compared to III-Vs. Therefore, III-V devices which utilize a Si substrate can be
lower cost and larger scale than those using a III-V wafer as a substrate [28].
Additionally, Si – III-V heterojunctions have numerous applications, including multijunction solar cells. However, the lattice parameter mismatch between the Si substrate at
the III-V material leads to epitaxial strain in short layers and a high defect density in
larger layers as the epi-layer relaxes [29]. A method of fabricating Si – III-V
heterojunctions with a low defect density would allow for high-performance devices with
diverse applications.
This study investigates the presence, type, orientation and distribution of stacking
faults in GaAs nanostubs. The GaAs nanostubs are deposited using molecular beam
epitaxy into arrays of pores of SiO2, which is grown and etched on a Si substrate. GaAs
growth temperatures studied in this chapter are 590 °C, 605 °C and 620 °C. Pore
diameters include 50 nm and 100 nm, although the analysis and quantification focuses on
the 50 nm diameter nanostubs.
3.2 Transmission Electron Microscopy (TEM) imaging
Cross-sectional bright field and dark field TEM imaging are used to show the
stacking faults found in some of the GaAs nanostubs (NS) in this study. The TEM
20

samples were prepared using an FEI Nova 600 SEM/FIB. Previous cross-sectional TEM
samples were extracted from the wafer at an arbitrary in-plane angle and resulted in
multiple NS appearing to overlap. This made it difficult to image and identify properties
of individual NS, particularly imaging of stacking faults and lattice imaging. Additional
samples were extracted to only have a single row of NS in the sample, with a zone axis of
[110]. Orientation along this zone axis allows for dark field imaging form- and high
resolution lattice imaging of {200}, {111}, and {220} planes. Bright field TEM (BF)
imaging provides relatively high resolution and can show the shape of the NS and the
presence of stacking faults. Dark field TEM (DF), particularly (111) DF, shows stacking
faults with higher contrast than BF at the cost of higher image noise due to the lower
intensity of the diffracted beam used for imaging. Objective and selected area apertures
are removed to provide sufficient intensity and the sample is tilted using a double tilt
stage to orient the [110] zone axis with the electron beam optical axis to facilitate phase
contrast for high resolution lattice imaging (HRTEM). HRTEM shows columns of atoms
in the lattice and is used to show and distinguish regions of regular FCC stacking and
stacking faults. Positions of atoms in the stacking faults can give an insight into their
stacking order. Additionally, the fast Fourier transform (FFT) of the HRTEM images
provides a pattern of reciprocal space similar to that produced using electron diffraction.
FFT images of arbitrarily small regions can be selected post-acquisition, allowing for a
versatility that electron diffraction cannot always provide. TEM images are taken using
an FEI Titan 300keV TEM.
Electron diffraction patterns and selected area diffraction in the TEM are used in
this chapter to identify the orientation of the GaAs and Si, along with their relative
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orientations and the presence of polycrystallization. Additionally, electron diffraction is
used to orient the sample on-zone-axis for HRTEM imaging, and for selection of
diffraction spots for DF TEM imaging.
3.3 Results and Analysis
The GaAs nanostubs fill the pores in the SiO2 layer, extending and terminating
above the oxide layer with a faceted shape. The GaAs-silica interface in the BF TEM
images appears abrupt, with a few nanometers of possible overlap between the two
regions in the TEM image. Similarly, HRTEM imaging of this interface shows the GaAs
lattice with an abrupt interface with the amorphous silica, with a few planes of possible
overlap. BF, DF and HRTEM images show overlap of the materials at the GaAs-Si
interface beneath the Si surface plane, extending around 10 nm or 20 nm below this
plane, for the 50 nm and 100 nm diameter NS, respectively. BF images of the interface
show the overlap region with darker contrast compared to either the GaAs or the Si
regions. This could possibly be caused by increased electron scattering in the region. DF
(220) images also show a contrast with both the Si and GaAs regions, but with a textured
appearance of bright and dark regions within the overlap area. HRTEM images do not
show district contrast in the overlap area; however FFT of only the overlapping region
from the HRTEM images shows two overlapping sets of points in reciprocal space. The
positions of these two sets of points correspond to the positions of GaAs and Si planes
with a (110) zone axis. This indicates that two overlapping lattices are present in the
selected region, shown in figure 3.1. This possibly indicates that a pit in the Si was etched
during the silica etch step and GaAs was deposited in this pit. In this case, the TEM
sample was extracted such that the thickness of the sample contains both the GaAs in the
over-etched pit and the Si in front of or behind the pit.
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Every GaAs NS imaged in this study exhibited stacking faults (SF) to some
extent. The SF begin at either the GaAs-Si interface in the over-etched pit, or at the
GaAs-SiO2 interface of the NS sidewalls. When SF originating at both of these interfaces
are present in a NS, the SF can meet, resulting in the termination of one of them (Figure
3.2). One stub exhibiting SF originating at the GaAs-SiO2 interface showed no stacking
faults originating at the GaAs-Si interface. The HRTEM image shown in figure 3.1
shows the interface without any stacking faults, while the FFT of the interfacial region
shows no additional spots than those corresponding to the Si and GaAs. The FFT of
HRTEM images of the SF regions shows spots and streaking in the <111> direction
normal to the SF lines appearing in the images. Figure 3.3 shows an HRTEM of the
GaAs-Si interface with FFT of (b) the Si bulk, showing only spots corresponding to the
Si lattice, (c) the over-etched pit at the interface, showing spots corresponding to the
lattice, along with streaking in the [-111] direction, and (d) the GaAs NS with SF,
showing streaking in the [-111] direction along with additional spots in this direction. The
additional spots in the <111> type directions also appears in the FFT of the entire
HRTEM shown in figure 3.4 at the (-1/3 1/3 1/3) positions along with streaking in that
direction.
The SF appear from the BF, DF and HRTEM images to take two forms: periodic
and random. The periodic SF regions have regularly spaced lines of dark and light
contrast. HRTEM of these regions shows a zig-zag arrangement of the columns of atoms,
while the FFT shows only the GaAs lattice and (-1/3 1/3 1/3) position additional spots.
These spots in an FFT pattern must correspond to a superlattice periodicity with a spacing
3x greater than the (111) GaAs planar spacing, which agrees with the spacing of the
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periodic SF lines measured from the HRTEM images. NS that exhibit periodic stacking
faults in multiple directions with have the superlattice spots in multiple <111> directions.
These superlattice points have the same periodicity and orientation as the superlattice
points found in the Au sample in chapter 2, indicating that the stacking faults could be
arranging themselves in the same ABCBACABCBA nanotwin stacking pattern. The FFT
of the random SF region does not show distinct superlattice points and instead only
shows streaking in the <111> type direction normal to the stacking fault planes. Streaking
in the FFT corresponds to a randomness in this direction, meaning the stacking faults do
not have a definite periodicity in this region. The HRTEM of this region does not have a
qualitative or measurable periodic spacing.
Each GaAs NS can be divided into three regions: regular stacking, nanotwinned
and random stacking faults. Figure 3.5 shows two NS divided into these three regions.
The fraction of the cross-sectional area of 50 nm diameter NS that contains stacking
faults is measured at three deposition temperatures, 590 °C, 605 °C and 620 °C.
Nanotwinning only appeared at the 605 °C deposition temperature in 25% of samples,
with nanotwin area fractions ranging from 0.20 to 0.55. In each of these, the nanotwinned
region accounted for at least half of the stacking fault area. This temperature also had the
highest average stacking fault area compared to all temperatures (0.41), while 590 °C had
an average fraction of 0.27 and 620 °C had an area fraction of 0.34.
Stacking faults originating at either interface ultimately terminate at the GaAsSiO2 interface, at another fault running in a different direction, or at the GaAs top surface.
The length dislocation fraction is the linear fraction of the GaAs top at which stacking
faults terminate. Similar to the area fraction, the 605 °C temperature produced NS with
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the highest average length dislocation fraction (0.10), while 590 °C had an average
fraction of 0.04 and 620 °C had an area fraction of 0.05. The NS with greatest length
fraction (0.75) was deposited at 605 °C and had an area fraction of 0.79 and a
nanotwinned fraction of 0.46, both of which are significantly higher than the average
values at that and all temperatures. However, there otherwise did not appear to be a
correlation between nanotwinned area in a NS and length fraction-- NS with nanotwinned
areas had length fractions between 0 and 0.75, including the NS with the highest
nanotwinned fraction (0.55) having a length fraction just above average (0.12). Figure 3.6
summarizes these results and shows the comparison between length, nanotwinned and
overall dislocation area fractions at each temperature.
Strain in the NS can be measured from the FFT of the HRTEM images by
comparing the in-plane (IP) and out-of-plane (OOP) lattice parameters to the relaxed
lattice parameter for GaAs, (5.653 Å). The Si substrate is sufficiently large enough and
assumed to be relaxed in the bulk, so the spacing of points in the FFT patterns is
calibrated using the Si lattice parameter and the equation relating planar spacing with the
(hkl) value at a given reciprocal space spot:
1
ℎ2 + 𝑘 2 + 𝑙 2
=
𝑑2
𝑎2
Where d is the planar spacing, hkl are the miller indices of the plane, and a is the lattice
parameter. The 605 °C NS IP and OOP lattice parameters were roughly the relaxed GaAs
lattice parameter (IP: 5.650 Å ± 0.018 Å, OOP: 5.653 Å ± 0.010 Å). At both other
temperatures, the OOP lattice parameter was less than the relaxed, corresponding to the
NS undergoing uniaxial compression. This is confirmed with the IP lattice parameters at
these two temperatures greater than relaxed, corresponding to biaxial tension as expected
25

due to the larger lattice parameter of GaAs compared to the Si substrate. However, the
standard deviation of IP strain at 590 and 620 °C is sufficiently large and extends the
error beyond a strain of zero, therefore the IP biaxial tension may be an error artifact. The
standard deviation at 605 °C extends into either positive or negative for IP and OOP, so
the sample could be either unstrained or strained in either tension or compression, but
may be lost in the error. A material under biaxial tension will also exhibit uniaxial
compression related to the Poisson ratio, using the equation
𝜀∥
1−𝜈
=−
𝜀⊥
2𝜈
Where ε‖ is the in plane strain, ε⊥ is the out of plane strain, and ν is the Poisson ratio.
Using the Poisson ratio of GaAs, 0.31, this yields a ratio of 1.11 between the IP strain and
OOP strain. The average measured IP strain is greater than the OOP strain at 590 °C and
620 °C as predicted; however, the large standard deviation is more significant than the
1.11 factor due to the tetragonal distortion.
Misfit dislocations are the primary stress relief mechanism in lattice mismatched
epitaxial layers of zinc blende and diamond materials with epilayer thicknesses above the
Matthews-Blakeslee critical thickness [30, 31]. The critical thickness for GaAs on Si is
16 Å, which is significantly less than the thickness of the >500 Å thick GaAs NS. At this
thickness, dislocations are expected to form to relive stress, most commonly misfit
dislocations at the interface in the [110] direction. Since the TEM images were taken on
the [110] zone axis, the misfit dislocations may be imaged in HRTEM. The GaAs- Si
interface, shown in figure 3.1, is an uneven pit and not a flat plane, so the interface is not
a clearly defined plane. The dislocations may be obstructed by columns of atoms along
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the pit walls in front of or behind the dislocation and therefore not be completely clear in
the images.
Misfit dislocations formed at the interface to relieve stress in the GaAs can disrupt
the regular FCC-type stacking pattern, resulting in stacking faults as are observed in the
NS. The 605 °C nanostubs had the highest area and length fractions of stacking faults of
all deposition temperatures, as well as the lowest measured strain. These results shown in
figure 3.7 could be correlated, showing that the stacking faults are indicative of stress
relief through the misfit dislocations that originate the stacking faults.

Figure 3.1: (a) HRTEM of the GaAs-Si interface of a NS deposited at 580 °C and (b)
FFT of the entire image in (a).
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Figure 3.2: (a) BF and (b) (220) DF of a NS deposited at 580 °C

28

Figure 3.3: (a) HRTEM of the GaAs-Si interface of a NS deposited at 580 °C with FFT
of the boxed regions at (b) the GaAs NS, (c) the overetched pit and (d) the Si substrate
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Figure 3.4: (a) HRTEM of the GaAs-Si interface of a NS deposited at 605 °C with (b)
FFT of the boxed region.
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Figure 3.5: Open-aperture TEM images showing two nanostubs with the defect-free
(green), random stacking fault (orange) and nanotwinned (blue) regions marked.
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Figure 3.6: Plots of the (a) stacking fault area fraction and (b) stacking fault length
fraction at the three deposition temperatures.
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Figure 3.7: Plots of the (a) in-plane lattice parameter measured from the FFT and (b)
out-of-plane lattice parameter at the three deposition temperatures. The relaxed
lattice parameter for GaAs is shown.
3.4 Conclusion
Gallium arsenide nanostubs grown on silicon at three temperatures were analyzed
using TEM imaging and electron diffraction. All nanostubs showed stacking faults of
{111} planes in one or two directions, which originated at the either GaAs-Si or GaAsSiO2 interfaces. A fraction of the nanostubs exhibited large areas of nanotwinning. Both
the fractional area of the cross-section image of the nanostubs and the fractional length of
the GaAs top surface consisting of stacking faults were highest at the 605 °C deposition.
The nanostubs at this temperatures had the lowest measured strain, leading to the
possibility that the stacking faults are originated by misfit dislocations at the interface
formed to relieve the biaxial strain caused by the GaAs-Si lattice mismatch.
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Chapter 4:
SEM imaging of voids at the bonding interface of Au-Au
thermocompression bonds
4.1 Background
Motivation
Packaging for MEMS devices is a manufacturing bottleneck and requires low
thermal and mechanical stress in order to prevent damage to previously-fabricated device
structures and ensure a high manufacturing yield [23-25]. MEMS structures often contain
fragile, free-standing components on the sub-micron scale that can be damaged through
excessive applied packaging force or poor packaging precision. At high temperatures,
materials can diffuse and compromise device functionality, so low temperature and short
duration packaging processes must be used. This is also a concern for cross-wafer
bonding and interconnects for 3DIC devices. Not only must the packing process be gentle
to prevent damage to the device, many MEMS devices such a sensors or microfluidics
require hermeticity to control the flow of fluids or maintain a vacuum [26].
Thermocompression bonding of gold to gold is an attractive solution for these
packaging applications [8, 10, 11, 26]. Au has no native oxide that must be removed,
unlike other metals used for interconnects, such as Cu or Al. Metals also form the highest
quality hermetic seals against moisture penetration of any class of material. Wafer-level
thermocompression bonding of gold has been demonstrated at temperatures as low as 298
°C [27]. Packaging is currently around one third of the total manufacturing cost of IC
fabrication. Further lower temperature bonding processes will improve the yield of
MEMS packaging and 3DIC devices, decreasing their cost and furthering their market
viability. This chapter discusses Au-Au thermocompression bonds at temperatures as low
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as 150 °C and the contributions of the microstructure to the hermetic yield of bonds at
different conditions.
Background on Research
Wafers containing arrays of square Au frames were bonded under vacuum at 150
°C, 200 °C, 250 °C, and 300 °C [26]. After bonding, the thin membranes etched into one
side were observed for any deflection caused by a pressure difference between the inside
of the test device’s cavity and the ambient air. The 200 °C sample exhibited the largest
pressure differential (1118 mbar or 5.2 µm deflection) and the 300 °C sample exhibited
the smallest pressure differential (1057 mbar or 5.1 µm deflection).
Hermetic yield is defined as the percentage of devices from a given set of bonding
conditions that exhibit greater than 2 µm deflection. At a square frame width of 40 µm,
the 250 °C sample had the highest hermetic yield (68%). Below this temperature, the
yield decreased with lower temperature down to 10% for the 150 °C sample. The 300 °C
at this frame width had a yield of 0%; however, this is possibly due to a severe alignment
error—the 300 °C bonded samples with a frame width of 200 µm had a yield of 56%,
which may have been a sufficiently large frame width to overcome the alignment errors.
Similarly, the dicing yield – defined as the fraction of devices that were not delaminated
during dicing of individual devices – was around 90% or below for the 300 °C samples
with frame widths under 80 µm, which may be further evidence of poor bonds due to
poor alignment at smaller frame widths. These results are shown graphically in figure
4.2(a) and represent high yields at lower bonding temperatures and pressures than
previously reported data.
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4.2 Methods
Arrays of hermetic test devices were prepared on 150 mm silicon wafers by Malik
et al. from SINTEF in Oslo, Norway [26]. These devices consist of Au frames deposited
on each wafer, with frame structure widths from 20 to 200 µm and either rounded or
square corners. This study uses square frames with 40 µm widths and round frames with
200 µm widths. The Au layer is 30 µm wider on the bottom wafer than the top wafer to
avoid possible misalignment problems. Figure 4.1 shows a cross-sectional schematic of
the frame. Bonding temperatures ranged from 150 to 300 °C. After bonding the devices
were diced to expose a cross-section of the frame.
The diced samples were mounted vertically, such that the diced cross-sectional
surface is normal to the electron beam. The cross-sectional surface of the as-diced sample
is rough and this roughness obscures observable details, such as individual grains and
possible interfacial voids. The focused ion beam is used to produce a clean cross-section
surface for imaging. The FIB cut is begun at the start of the Au-Au bonded region to limit
the amount of material necessary to mill away. After the cross-section surface is exposed,
it is cleaned using the FIB at a lower current to decrease surface roughness and reveal
features. Subsequent cleaning cuts are taken with a depth of around 0.6 µm and images
are taken to create a 3D reconstruction of the interface. A similar process is used to
produce plan-view images and 3D reconstructions, but the initial cut is taken at the Si
wafer and the cleaning slices are milled from the Si into the Au and across the interface.
Figure 4.1 shows a schematic of the initial cuts and subsequent milling for the 3D FIB
reconstructions. Appendix 2 further outlines the processes used. Cross-section and planview images were prepared and imaged using an FEI Nova 600 FIB/SEM at UCLA.
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TiW

Au

Figure 4.1: Cross sectional drawing of the bonded interface, with the red dashed boxes
showing the location of the initial regular cross section cuts and the direction of cleaning
slices for the cross-section and plan-view images, respectively.
4.3 Scanning Electron Microscopy (SEM) imaging
SEM imaging is used to view the microstructure at and around the bonded
interface, including grain structure. Individual grains can be resolved using the SEM
using either a backscattered electron detector (BSED) or an Everhart-Thornley secondary
electron detector (ETD). The primary mechanism that produces contrast between grains
is the channeling contrast effect. The depth that incident electrons from the scanning
beam penetrate into the sample is dependent on the arrangement of the atoms and relative
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orientation of the crystal to the beam. High atomic density paths will increase the amount
of backscattered electrons, while low density paths will cause the electrons to penetrate
deeply into the sample resulting in a lower fraction of electrons that are scattered and
return to the surface to ultimately be collected by the detector. A BSED detector
primarily images the high energy backscattered electrons, which have scattered off the
sample elastically and travel in a straight path back to the detector. The BSED also
detects low energy electrons, which have lost some energy through inelastic scattering.
An ETD detector is intended to collect secondary electrons and uses an applied electric
field to attract the low energy secondary electrons for collection and measurement. The
electric field can also attract low-energy backscattered electrons. High energy
backscattered electrons have sufficiently kinetic energy that their path is not significantly
deflected by the ETD electric field and instead travel in a line-of-sight path. The lowenergy backscattered electrons collected by the ETD are affected by the channeling
contrast effect, leading to an appearance of contrast between crystal grain orientations
[32]. However, since the number of low-energy backscattered electrons collected by the
ETD is lower than the number of both low- and high-energy backscattered electrons
collected by the BSED, the effect of this contrast will be lower when using the ETD than
the BSED.
The Nova 600 FIB/SEM is equipped with an ETD detector which is used for all
of the images and can be used to image individual grains within the bonded Au layers, as
well as other features. Figure 4.3 shows an SEM image taken using the ETD and
immersion mode. The bonded Au layers are visible, along with the TiW layers on
between the Au and each Si wafer. The grains in the Au layers tend to have a columnar
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structure, with some of the larger grains extending from the Au-TiW interface to the AuAu bonding interface and having aspect ratios as high as 15. Columnar grains can be
produced through sputtering depending on the deposition conditions [33, 34]. The TiW
grains can be observed as well through the immersion mode SEM images. Although these
grains are not as well-resolved as the Au grains, they appear to exhibit a similar columnar
morphology. The TiW layer was also deposited using sputtering onto the SiO2 layer and
the sputtering conditions may similar produce this structure.
The bonding interface can be observed through these images as well, and is
marked by several identifying characteristics. The interface of all samples contains a
distribution of voids of varying diameter, shape and linear density. In most samples, no
voids are visible within the Au layers that do not at least partly connect with the bonding
interface. The interface can also be identified through the observation of grain shape and
grain boundaries. Large, columnar Au grains extend from the TiW to the interface, where
the grains abruptly terminate with no grains appearing to extend a few tens of nm beyond
the interface.
Lastly, the interface can be identified by a dark line appearing in the SEM images.
This is possibly a product of the FIB milling rather than a phenomenon in the sample
itself. Heterogeneities, such as particles of different material or voids, will cause different
milling rates at different regions of a sample. Voids in the sample will cause the region
directly beyond the void along the ion beam’s path to be milled faster than the
surrounding region. In the bonded samples, voids along the bonding interface cause the
bonding interface directly beneath the voids to mill faster, resulting in a topographic
feature at the interface and marking it with a difference in contrast. Samples which have
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fewer or smaller voids do not exhibit this effect as strongly, so the resulting topography is
not as well observed.
Similar lines can be observed at the Au-TiW interface. Since TiW and Au have
different mechanical properties, particularly hardness, the two materials mill at different
rates. The TiW will be milled more slowly than the Au, which causes the cleaning cut to
mill deeper into the Au layer than the TiW and produces a topographic change between
the layers. The topography change is visible in the SEM as a series of vertical streaks.
This streaking effect is a common problem when creating clean cross sectional surfaces
of heterogeneous using FIB and methods to minimize the effect are discussed further in
the appendix.
The top ~0.5 μm of the FIB cut and cleaned cross-sections show different
microstructures than the sample shows at greater depths. Grain size is reduced—there are
no visible columnar grains that extend from the TiW to the Au-Au bonding interface. The
bonding interface itself is not as clearly defined compared to the rest of the sample, which
exhibit the three interface-marking characteristics described above. Firstly, no voids are
observed in the top 0.5 μm of any sample at any depth along the 3D reconstruction.
Secondly, the small grain size in the top 0.5 μm does not as clearly show an interface
through collinear grain boundaries. Lastly, there is not a topographic contrast produced
since there are no interfacial voids above this region to produce the topographic streaks.
These characteristics may be caused by the ion beam damaging the sample either during
the platinum deposition step or during cleaning. Since this is a small fraction of the
overall sample (0.5 μm out of >20 μm), quantitative data, such as void linear density, is
measured excluding this region.
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Aspect ratio of voids imaged in the cross-sectional images is defined as the ratio
between the in-plane length and out-of-plane width of the voids. The measured value of
the in-plane width from the image must be multiplied by a factor of 1/cos(38°) to
compensate for the 52° tilt of the system during milling and imaging. The in-plane void
length measured from the plan-view images is calculated by taking the average void area
and finding its diameter if it were circular, using the equation below:
𝐴𝑎𝑣𝑔
𝑑𝑎𝑣𝑔 = 2√
𝜋
Where davg is the average diameter and Aavg is the average void area at a given
temperature.
4.4 Results and Analysis
The cross-sectional SEM images prepared using the FIB show the cross-section
shape, size and distribution of voids along the Au-Au bonding interface. Figure 4.4 shows
the cross-section SEM images at all four temperatures while Figure 4.7 shows the normal
distribution of void lengths and widths at each bonding temperature. The sample bonded
at 150 °C contains long, thin voids that extend further in the in-bonding-plane direction
than the out-of-plane direction, with some voids having an aspect ratio as high as 13:1.
The range of out-of-plane void widths was 14 nm to 97 nm, with an average of 43 nm.
The majority of voids (75%) had higher than ~1:1 aspect ratios with in-plane lengths that
exceed the maximum measured void width. This set of voids had an average aspect ratio
of 9:1. The remaining 25% of voids with lengths within the range of widths and have
aspect ratios around 1:1. These voids have a roughly spherical shape rather than oblong,
which may indicate that they are isolated and do not connect to other voids to create
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longer, non-spherical voids. Since the longer, >1:1 aspect ratio voids all have widths
within the range of the spherical voids, they may be the sum of several voids that have
coalesced. The spherical voids may also join other voids further into the sample, but
within a depth smaller than the 600 nm FIB slice taken for the 3D reconstruction. The
longest void measured had a length of 676 nm and 8% of voids had lengths above 600
nm—since the depth direction into the sample likely exhibits similar characteristics
including void coalescence, this supports that a 600 nm slice spacing may be too thick to
image all but the longest examples of in-bonding-plane void coalescence. Additionally,
the voids may coalesce in shapes that would cause them to appear at different heights
along the sample between slice images, which would prevent the observation that the
voids are connected between the slice positions.
The cross-section 3D FIB reconstruction shows that the sample bonded at 200 °C
exhibits majority spherical shaped voids with aspect ratios closer to 1:1 than observed in
the 150 °C sample. The average void out-of-plane width of the 200 °C was 116 nm with a
range of 22 nm to 276 nm, while the average in-plane length was 178 nm with a range of
48 nm to 419 nm. Using the average length to width ratio, the average aspect ratio is
determined to be 1.5:1. A small minority of measured voids (9%) had lengths greater than
the range of widths, with the longest void having an aspect ratio of 1.5:1 and an
appearance of two voids with a thin ~1 nm connection between them.
The distributions of measured void widths and lengths overlap more and the voids
have a smaller average aspect ratio in the 200 °C sample than the 150 °C sample.
Qualitatively, the voids have a more spherical or ellipsoid shape and are more isolated
compared to the 150 °C sample. The lower aspect ratio and lower distribution of lengths
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are evidence that the voids in the 200 °C sample do not coalesce to form longer voids
with a common width to the same extent as the 150 °C sample, and instead form isolated,
ellipsoid-like shaped voids. This may be a product of the lower void density in the 200 °C
sample. In the 200 °C sample, voids make up 15% of the exposed length of the bonded
interface, compared to a 54% linear density of the 150 °C sample. Non-coalesced voids
may have a size and shape similar to the 1.5:1 aspect ratio ellipsoid voids in the 200 °C
sample, but that the higher density of voids increases the probability that two voids would
be close enough to connect. The long, high aspect ratio voids are possibly therefore a
combination of several, lower aspect ratio voids that combine due to their proximity.
The 250 °C sample showed similarly shaped but on average smaller voids to the
200 °C sample. The average void width in the 250 °C sample was 19 nm with a range of
6 nm to 79. Only 4% of measured voids lengths exceeded this range. The maximum
width is a larger multiple of the average width (79 nm / 19 nm, factor of 4.2) compared to
the maximum width of the 200 °C (276 nm / 116 nm, factor of 2.4) and 150 °C samples
(97 nm / 43 nm, factor of 2.3). Excluding the largest two voids as outliers, the average
void width becomes 12 nm with a range of 6 nm to 33 nm, leading to a max-to-average
factor of 2.4. Using this excluded set of voids, 13% of void lengths exceed the excluded
range of widths and the average aspect ratio is determined to be 1.4:1, which is a similar
aspect ratio to the voids in the 200 °C sample. Including the entire data set of voids, the
average aspect ratio increases to 1.6:1. The two excluded outlier voids have aspect ratios
of 2.5:1 and 1.6:1. The 2.5:1 ratio void has the appearance of two joined voids, while the
1.6:1 void appears roughly uniformly ellipsoidal. The linear fraction of voids along the
bonding interface was 9%, which is lower than the density of either the 150 °C or 200 °C
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samples. The 250 °C sample also had the fewest voids that have an appearance of
multiple voids coalescing and the lowest average aspect ratio when excluding the two
outliers. This may be due to a combination of having a small average void size and a low
density of voids that results in a lower probability of voids being in contact and joining.
Additionally, the 250 °C sample is the only sample from which the cross-section
measured in-plane length is significantly smaller than the plan-view measured crosssection length. One explanation could be that the small size of many of the voids would
have a low probability of appearing on a given plan-view 3D reconstruction slice. In one
plan-view image, there appears to be possible voids that separate individual grains. The
small voids seen in the cross-section images could be the cross-section of these voids.
The average void size (length and width) measured from the cross-section image
of the 300 °C sample begins to increase again compared to the 250 °C sample.
Additionally, the linear fraction of voids along the bonding interface increases as well.
The 300 °C had bonding alignment problems which resulting in all devices with frame
widths under 200 μm having a hermetic yield between zero and 5%. The 200 μm frame
width had a yield of 56% at 300 °C, while the other bonding temperatures had a
maximum range of around 20% between frame sizes. The 200 μm frame for 300 °C may
be sufficiently large to mitigate the misalignment effects, but the hermetic yield numbers
at this bonding temperature are not as useful for comparison, particularly at lower frame
widths.
The plan-view SEM images of the bonding interfaces show similar void cohesion
at each temperature to different extents. Figure 4.5 shows the plan-view SEM images at
all four bonding temperatures. The plan-view images show voids in the 150 °C sample
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that appear to be coalescences of several voids. Though, the slices during 3D FIB
reconstruction were very thick relative to the out-of-plane width of the voids and the
image taken closest to the bonding interface may still be a depth away from the bonding
interface on the order of the width of the voids. Evidence for this is that the voids imaged
at this slice appear to be the opening of a cave that has a larger diameter than the visible
opening, shown in Figure 4.5. If the plan view image is not taken directly at the interface,
the average in-plane void diameter measured from the plan-view image may be smaller
than the average in-plane void diameter measured from the cross-section images. This
can have an effect on the measured area fraction from the plan-view image. The
measured value of 0.09 may be smaller than the true value. A possible correction factor
may be introduced that makes the assumption that the true in-plane diameter of the voids
is measured using the cross section—the measured area is increased by the square of the
ratio of the diameters measured from the plan view and cross section images, shown in
the equation below
𝑑𝐶𝑆 2
𝑋𝑎,𝑐𝑜𝑟𝑟 = 𝑋𝑎 (
)
𝑑𝑃𝑉
Where Xa,corr is the corrected area fraction, Xa is the measured area fraction, dCS is the
void diameter measured using the cross-section image, and dPV is the void diameter
measured using the plan-view image. Using this correction factor, the area fraction
increases to 0.52.
The plan-view image of the 200 °C sample showed voids with mostly round
shapes with a minority of voids appearing as coalescences of multiple voids. The average
void diameter measured from the plan-view image is 142 nm, which is less than the 178
nm average void length from the cross-section image. As discussed above, the slice
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closest to the bonding interface may not be exactly aligned with the bonding interface,
leading to voids appearing smaller than their maximum plan-view size. The slice is likely
closer to the interface than the 150 °C plan-view image, since the ratio of the two
measured diameters is closer to 1:1. The area fraction of voids as measured is 0.17, and
0.27 using the correction method above. The longest connected void has a length of 2.2
µm and appears to be a coalescence of around 8 or 9 distinct voids.
The majority of voids observed in the cross-section images of the 250 °C sample
appear at the triple junction of two grains and the bonding interface. It is possible that
voids similarly appear at the triple junction in the other samples, but the larger average
void size prevents this specific location from being clearly observed. Gondcharton et al.
observed similar void formation resulting from the bonding of Cu layers and discusses a
possible mechanism for the formation of voids at the triple junction due to the production
and motion of dislocations under applied thermocompressive stress [35]. First, the
uniaxial compression during bonding causes the metal to plastically deform and introduce
crystallographic defects, particularly vacancies, throughout the metal films. Then the
vacancies diffuse within the grains, some of which will reach the grain boundary where
they collect to form voids. This is driven by the force to decrease the overall surface
energy—a vacancy within a grain contributes to the surface energy of the grain, while a
void at the grain boundary does not increase the overall surface energy of the void.
Therefore, the vacancies diffuse to the grain boundaries and do not diffuse back into the
grain, resulting in a net vacancy flux towards boundary. This is combined with the
driving force of vacancy diffusion along stress gradients, which run towards the bonding
interface.
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The vacancy diffusion length in the Au layers at the different bonding
temperatures is on the order of magnitude of the Au grain size. The average in-bondingplane length of the columnar grains is around 160 nm (80 nm radius), while the width of
the majority of columnar grains is the entire Au layer thickness, 1200 nm (600 nm
radius). Using the bulk self-diffusion coefficient of Au, D0, as 0.31 cm2s-1, the jump
energy of Au self-diffusion, Ea, as 1.73 eV, and the energy of vacancy formation in Au,
EF, as 0.74 eV, the following equations can be used to determine the diffusion length, x,
at each bonding temperature:
𝐷𝐴𝑢 = 𝐷0 exp (−
𝐷𝑉 =

𝐸𝑎
)
𝐾𝑇

𝐷𝐴𝑢
𝑋𝑉

𝑋𝑉 = exp (−

𝐸𝐹
)
𝐾𝑇

𝑥 = √𝐷𝑉 𝑡
Where DA is the self-diffusivity of Au, DV is the diffusivity of vacancies, XV is the
vacancy fraction, t is the bonding time and T is the bonding temperature [36-38]. Figure
4.6 shows the diffusion length across temperatures, including the maximum and
minimum diffusion length range from the errors of all terms. Only at the bonding
temperature of 150 °C is the vacancy diffusion length shorter than the average in-plane
grain radius. The diffusion length in the 300 °C sample, 570 nm, is the closest to the outof-plane grain radius, while the upper range for diffusion length at this temperature
exceeds the out-of-plane diameter of the grain. This could indicate the ability of
vacancies to diffuse to the bonding interface at this temperature regardless of diffusivity
along the grain boundary.
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Two measured properties of the voids show strong correlation with the hermetic
yield at each bonding temperature: the linear fraction and the in-plane void length
measured from the cross section images. These two properties are related; the linear
fraction could be considered the void length multiplied by the void density (number of
voids per interfacial length). As the void length increases, the linear fraction increases,
assuming constant density of voids. When plotted against hermetic failure – defined as
the percentage of devices that did not pass the hermetic seal test (1-yield) – void linear
fraction fits linearly with an R2 value of 0.66, while void length fits linearly with an R2
value of 0.49. A better linear fit is the plot of hermetic failure against corrected area
fraction, which has an R2 value of 0.81. In this plot, the uncorrected value at 250 °C is
used since the plan-view measured length is not smaller than the cross-section measured
length. The uncorrected area fraction has an R2 value of -0.30, showing that there is no
correlation. Figure 4.2 shows the summary plots of void fraction, void size and hermetic
yield at each temperature.
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Figure 4.2: Plots of the hermetic yield, void dimensions, linear void fraction and area
void fraction at the four bonding temperatures. Data for the hermetic yield were
collected by Malik et al. and data for the 300 °C sample were collected by Tingyu Bai.
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Figure 4.3: SEM image using immersion mode of the 250 °C bonded cross-sectional
interface.
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Figure 4.4: Cross-sectional SEM image of the interface at the four bonding
temperatures.
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Figure 4.5: Plan-view SEM images of the interface at the four bonding temperatures.
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Figure 4.6: Plot of the vacancy diffusion length against bonding temperature. The
middle curve is the length using the average values for the diffusion parameters
from literature, while the dashed curves represent the maximized bounds from the
error for each parameter. The IP radius, OOP radius and OOP diameter are marked
for reference.
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Figure 4.7: Distribution plots for cross-sectional OOP void widths (green) and IP
void lengths (blue) at A) 150 °C, B) 200 °C, C) 250 °C and D) 300 °C.
4.5 Conclusion
The hermeticity of wafer Au-Au thermocompression bonded frames was
compared to the distribution, shapes and sizes of voids found at the bonding interface.
Voids at the lowest temperature (150 °C) appeared generally the smallest, but with a high
density, resulting in a high linear fraction of voids along the interface. The voids at 200
and 250 °C had similar sizes and shapes to each other, particularly as measured in the
plan-view images, but with the 200 °C sample showing a higher void density. The planview images of the 250 °C show voids causing possible grain separation unobserved at
other temperatures. The results show that the hermetic yield of devices at a given bonding
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temperature has an inverse correlation both with the linear density of voids measured
using cross-section SEM images of the interface and with the area density of voids as
measured using plan-view SEM images. Although the 300 °C samples were prepared
with different geometry, which may affect the yield, the correlation between void fraction
and hermetic yield was shown at this temperature as well. Future work comparing the
300 °C sample with samples at other temperatures prepared under otherwise identical
conditions would provide additional insight whether the correlation continues.
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Appendix A: TEM Sample Preparation using FIB
1. Preparation
a. Prior to venting, load copper grid into grid holder and mount sample onto
stub
b. After venting, remove any sample holder currently in SEM/FIB
c. Position stage to (X:30, Y:0, R: 30)
d. Mount TEM prep stage and load the stub and grid holders
i. If the vertical stub is used, check the height. The vertical stub may
need to be mounted directly onto the TEM prep stage using copper
tape (do not use carbon tape as it leaves a residue and will be
difficult to remove the stub after. Cu tape is sufficiently strong to
prevent drifting)
ii. The copper grid holder can be mounted after the Kleindiek to
avoid accidentally hitting and damaging the fragile copper grid.
e. Mount the Kleindiek holder onto the SEM door
f. Attach the Kleindiek
i. Make sure the cable is not coiled
ii. Tape the cable to the top of the SEM chamber, with equal slack on
either side of the tape
iii. Plug the cable into the top plug with both hands
g. If using a new tungsten needle, bend the metal pole to create a kink around
1/4th along its length, and bend the needle so it points down at an ~20°
angle
i. Particularly if the sample has a non-flat topography, bend the metal
pole downward as well to allow the needle to access the desired
region and not get caught on topographic features
h. Mount the needle into the Kleindiek
i. Turn on the Kleindiek controller and press the “Analog” button
j. Move the needle to check that it can access the center of the sample
i. If it cannot, then straighten the needle or add a kink closer towards
the end of the metal pole to give it more length
k. Close the SEM door and pump down, careful not to catch the cable in the
door
2. Sample Extraction
a. Warm up Pt and C sources
b. Link focus and bring to eucentric height
c. Locate region for extraction
d. If the top nanometers of the sample surface is important for imaging,
deposit a protective bar of 0.3 µm thickness and 1-2 µm width of Pt using
the e-beam (5 kV, 6.3 nA, T: 0°)
i. Insertion of the Pt gas needle will translate the e-beam and
possibly the i-beam positions, so tilt the beams back to center,
rather than move the stage. The focus might also change after
insertion of the needle
e. Tilt the stage to 52°
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f.
g.

h.

i.

j.
k.
l.

i. If the sample region is not centered in the e-beam image after
tilting, raise or lower the stage so that it is (middle click the IR
camera and drag)
Deposit 0.2 µm protective Pt using i-beam (30 kV, 50 pA, T: 52°)
Deposit 1.5 µm protective Pt using i-beam (30 kV, 0.3 nA, T: 52°)
i. When changing i-beam current, wait until the current stabilizes and
refocus/stigmate in an area away from the extraction area to avoid
damaging it. Moving the stage two frames to the left or right on the
i-beam image works well if it is at the same topographic height
Place regular cross-section patterns ~1 µm above and below the Pt, with
the top rotated 180° and parallel milling selected (30 kV, 5-20 nA, T: 52°)
i. I-beam current should be at 5 nA, though higher can be selected if
the projected mill rate is too slow. If higher currents are used, place
the patterns farther from the Pt
ii. E-beam current may be increased to allow for live viewing during
milling. This is particularly important during thinning and cleaning
Cleaning cross section on front face of sample to the Pt (30 kV, 3-5 nA, T:
54°)
i. Choose a larger depth than necessary, but not excessively long
such that material would just sputter onto the walls
Rotate sample 180° compucentric and repeat
Tilt back to 0°
Place rectangle patterns (shown in figure below) (30 kV, 3 nA, T:0°)
i. Watch live using e-beam. The u-cut is complete when the milling
is visible on the other side of the sample
ii. It is useful to place two overlapping rectangles at the bottom of the
sample

m. Bring the needle over to the sample and into i-beam view at lower mag
(gear 6, then 5 when close)
n. Clean the needle tip to create a flat surface using the rectangle cut (0.3 nA)
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o. Insert Pt gas need, center all views and bring the needle into contact with
the surface (gear 4)
p. Raise needle one step off surface and move it so it is above the left-side ucut gap.
i. Use the i-beam and e-beam images to help position
q. Move the needle into contact with the sample (see figure below) and
deposit Pt (30 kV, 0.3 nA, 1.2 µm thickness)
i. Once the needle is in contact, do not move the stage, change beam
current or insert/retract Pt gas needle

r. Mill the remaining cut to free sample and raise needle to remove the
sample
i. Keep the gear at 3 and check that the sample is completely free
before trying to extract. If it does not move freely, then mill the
bottom and corners again since material may have sputtered and
reattached here.
s. Lower the stage to 10 mm
t. Move the stage to the copper grid (#3 grid X: -2, Y: -11, R: 30; #4 grid X:
+2, Y: -11, R: 30)
u. Move the needle away from the grid so that it does not come in contact
with the stage when raising it.
v. Link focus on the target Cu grid finger and raise to 5 mm
w. Use both the i-beam and e-beam views to position the sample in-plane
with the Cu grid and at a similar height to the target finger (use gear 4)
x. Insert the C gas needle, check i-beam current is 0.3 nA
y. From the e-beam view, move the sample right until it is almost in contact
with the Cu finger and slightly above it (gear 3)
z. Lower the sample until then top surface is flush with the Cu finger
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i. Be careful not to let the deflection become greater than ~1200 on
the Kleindiek display. This will cause it to tick over and the quick
motion may damage the sample
ii. The figure below shows where the sample should be positioned
then lowered to

aa. Deposit a rectangle of C onto the sample and finger (30 kV, 0.3 nA, 2 µm
thickness)
i. Do not move the stage or needle, or adjust the beam current
bb. Make a rectangle cut to remove the tungsten needle from the sample
3. Thinning
a. I-beam cleaning cross section on front face (30 kV, 0.3 nA, T: 52°)
i. Live view in e-beam for all thinning steps, be ready to stop milling
if the cleaning starts to go too far
b. Rotate 180° compucentric and repeat cleaning until sample is ~500 nm
i. It generally is better to clean more from this side, since more of the
sample height will be preserved due to the angled shape of the
sample cross-section
c. Increase the tilt and continue cleaning the front face (30 kV, 100 pA, T:
~52.5°)
d. Repeat on the other side until sample is <150 nm, increasing tilt if the Pt
layer begins to be milled away
i. Lower voltages can be used to thin further and may require deeper
tilts ~54°
4. Recipes:
a. Pt protection
i. E-beam, Pt dep, 5 keV, 6.3 nA, 0.3 µm
ii. I-beam, Pt dep, 30 keV, 50 pA, 0.3 µm
iii. I-beam, Pt dep, 30 keV, 0.3 nA, 1.5 µm
b. Regular cross section for extraction
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c.
d.
e.

f.

i. I-beam, Si, 30 keV, 5-20 nA, Y: y µm, Z: y/1.3 µm
Cleaning cross section for extraction
i. I-beam, Si, 30 keV, 5-20 nA, Z: longer than regular CS
U-Cut rectangular cross section
i. I-beam, Si, 30 keV, 3 nA
Sample attachment
i. I-beam, Pt dep, 30 keV, 0.3 nA, 1.2 µm
ii. I-beam, C dep, 30 keV, 0.3 nA, 2 µm
Thinning
i. I-beam, Si, 30 keV, 0.3 nA
ii. I-beam, Si, 30 keV, 100 pA

Appendix B: 3-Dimensional Reconstruction using the Focused Ion Beam
1. General 3D Reconstruction
a. Deposit Pt along length of reconstruction (i-beam, 30 kV, 0.3 nA, 1-2 µm,
T: 52°)
i. If top few nm of surface needs protection, then use lower current ibeam or e-beam deposition recipes in Appendix A
b. Regular cross section to expose the target surface (i-beam, 30 kV, 5-20
nA, T: 52°)
i. This should be at least as wide as the final reconstruction depth to
avoid sputtered material deposited onto the sidewalls and blocking
the image
c. Cleaning cross section to expose the first surface (i-beam, 30 kV, 1 nA, T:
52°)
i. 3-5 nA current can be sued here to approach the surface, but lower
when cleaning the target surface for imaging
d. Cleaning cross section pattern with the desired thickness (i-beam, 30 kV,
0.5-1 nA, T: 52°)
i. Place the bottom part of the pattern below the bottom of the
surface in i-beam view to ensure a clean cut without residual
streaks. If the pattern is <500 nm thick, then the entire pattern may
need to be placed below the bottom of the surface, shown in the
figure below
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e. Take an i-beam snapshot with pattern hidden and save in a way such that it
can be associated with the corresponding e-beam image
f. Switch to immersion mode, focus and stigmate. Take a photo, adjusting
resolution if necessary
i. Keep magnification constant between these images
ii. Use beam shift to center image in the same position each image
iii. Return to Mode 1 before starting i-beam
g. Repeat the previous 3 steps until finished
2. Plan-view Notes
a. When looking at layered structures, the milling through each interface can
be used to help align the sample such that the milling plane is parallel to
the interfacial plane
i. If the interface as it is being milled through appears curved or
angled, then rotate either the sample or pattern away from the
direction of faster milling
ii. If the interface is milling visibly faster at the top or bottom of the
image, tilt the sample >52° or <52°, respectively
iii. Each interface can be a visual gauge for parallel milling
b. When imaging only an interface, the milling rate can be higher and/or
continuous when far from the interface; however, live viewing using the ebeam is necessary for viewing interface proximity
c. Near the interface, drop current to 0.5 nA and make the pattern 200 nm
thick. Place the pattern away from the sample surface and pause regularly
during milling to take a snapshot using the e-beam.
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