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Abstract 
 

In-Situ Micromechanical Testing in Extreme Environments 
 

By 
 

Amanda Sofia Lupinacci 
 

Doctor of Philosophy in Engineering – Materials Science and Engineering 
 

University of California, Berkeley  
 

Professor Andrew M. Minor, Chair  

 
In order to design engineering applications that can withstand extreme environments, we 
must first understand the underlying deformation mechanisms that can hinder material 
performance.  It is not enough to characterize the mechanical properties alone, we must 
also characterize the microstructural changes as well so that we can understand the origin 
of material degradation.  This dissertation focuses on two different extreme 
environments.  The first environment is the cryogenic environment, where we focus on 
the deformation behavior of solder below the ductile to brittle transition temperature 
(DBTT).  The second environment is the irradiated environment, where we focus on the 
effects that ion beam irradiation has on both the mechanical properties and microstructure 
of 304 stainless steel.  Both classes of materials and testing environments utilize novel in 
situ micromechanical testing techniques inside a scanning electron microscope which 
enhances our ability to link the observed deformation behavior with its associated 
mechanical response. 
 
This dissertation presents the development of a novel in situ cryogenic micromechanical 
testing apparatus in a SEM.  This technique makes it possible to directly link the 
observed deformation behavior of solders with the mechanical response below the DBTT.  
This dissertation also presents a novel method for linking the observed changes in 
mechanical properties of ion irradiated steels with changes in the defect density by the 
use of both nanoindentation, laue microdiffraction and in-situ micromechanical testing. 
 
Characterizing plasticity mechanisms below the DBTT is traditionally difficult to 
accomplish in a systematic fashion.   Here, we use a new experimental setup to perform 
in situ cryogenic mechanical testing of pure Sn micropillars at room temperature and at -
142 °C. Subsequent electron microscopy characterization of the micropillars shows a 
clear difference in the deformation mechanisms at room temperature and at cryogenic 
temperatures.  At room temperature, the Sn micropillars deformed through dislocation 
plasticity while at -142 °C they exhibited both higher strength and deformation twinning. 
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Two different orientations were tested, a symmetric (100) orientation and a non-
symmetric (45̄1) orientation. The deformation mechanisms were found to be the same for 
both orientations.  This approach was also extended to a more complex solder alloy that 
is commonly used in industry, Sn96.  In the case of the solder alloy more complex 
geometries were also utilized to obtain better understanding of the deformation 
mechanisms in the presence of a preexisting defect, such as a crack.  Similar twinning 
behavior is observed in the Sn96 alloy however, it was also found that grain boundaries 
and second phase intermetallics can act as sources for dislocation motion and generation. 
 
The observations and analysis in this thesis give novel insight into the deformation 
mechanisms of two materials in extreme environments.  In the case of cryogenic testing 
we have demonstrated the preference for Sn based solders to undergo deformation 
twinning as a primary deformation mechanism below the DBTT of the alloy.  Prior to this 
study, deformation mechanisms of pure Sn below the DBTT were not well characterized 
due to a lack of experimental methods for doing so.  In this study, we have developed a 
novel in situ cryogenic apparatus that has made it possible to systematically study 
plasticity mechanisms down to -142 °C. Through EBSD and TEM characterization of the 
twinning behavior at cryogenic temperatures, we have gained a greater understanding of 
the deformation mechanisms that are active below the DBTT.   Furthermore, we have 
extended this technique to a more complex alloy, Sn96 as well as more complex 
geometries (clamped beam geometry).  
 
In the case of ion irradiated stainless steel, which is a surrogate for neutron irradiations, 
we have correlated the mechanical property response that is associated with various 
irradiation conditions with the defects induced during irradiation. Due to the fact that ion 
beam irradaion has a limted penetration depth, nanoindetation and micro compression 
testing needed to be deployed. Through both nanoindentation and Laue micro diffraction 
we have shown a direct correlation between the observed radaition induced increase in 
hardness and the radaition induced increase in FWHM.  We found that 10dpa ion beam 
irradaion is enough to saturate the material in hardening as well as lattice strain which is 
related to the defects present..  It was found that the 304SS shows no FWHM gradient 
assocatied with the ion beam irradiation  The use of micropillars also enabeld us to 
characterize the dramatic change in yield strength due to ion beam irradiation while a 
detaield charactreisation of each micro pillar in regards to the critical resolved shear 
strenght is conducted. It was found that the radiation envrionment causes not just an 
increace in critical resolved shear stress but the material also looses its workhardenability 
completely. It is also shown that post testing TEM investigation of the pillars on 304 
stainless steel apears not possible due to the fact that FIB damage induces a stress 
induced phase transfomration and therefore a detailed crystallogprahic examination using 
TEM cannot be conducted.  
 
In summary this thesis demonstrate novel small  scale mechanical testing techniques on 
engineering applications which opens the gate to utilize basic scientific tools on 
engineering problems. 
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 Chapter 1 
 

      Part I: Cryogenic Environment 
 
    Introduction 

  
1.1 Background 

 
The use of small-scale mechanical testing techniques provides a number of advantages 
for evaluating material in extreme environments.  For example, one advantage is that 
small single crystals can be milled from polycrystalline samples so that similarly-oriented 
samples can be systematically tested over different conditions.  A further advantage is 
that small-scale testing gives us the ability to test samples in situ in an electron 
microscope in order to observe deformation mechanisms directly as well as monitor the 
quality of the tests. One environmental extreme of interest for aerospace applications is 
ultracold temperatures. For space applications in particular, it is important to understand 
the mechanical performance of components at the extreme temperature conditions seen in 
service for an accurate assessment of a components performance. For solder alloys used 
in microelectronics, cryogenic temperatures can prove especially problematic. At low 
temperatures Sn-based solders undergo a ductile to brittle transition that leads to brittle 
cracks, which can result in catastrophic failure of electronic components, assemblies and 
spacecraft payloads.  
 
Sn-Pb solder joints are used extensively in packaging of electronics.  These joints provide 
both electrical connections and mechanical support for the electronic package. 
Differences in thermal expansion coefficient of materials used in electronic packaging 
cause cyclical strains in the solder joints upon thermal cycling1.  The mechanical 
properties of Sn are of particular interest since Sn is the major constituent in most solders 
used by industry.  Reliability of the solder joint depends upon a number of mechanical 
and microstructural evolutionary processes that occur interactively during its service 
lifetime2.  Approximately 70% of failure in electronic circuitry is solder related, therefore 
understanding the deformation mechanisms associated with Sn is increasingly important2.   

1.2 The Structure of Sn 

At room temperature Sn has a body centered tetragonal (BCT) structure with a c/a ratio 
of 0.5456 as shown in Figure 1.1.  The body-centered tetragonal structure has four atoms 
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per unit cell at the points of 000, !
!
0 !
!
, 0 !

!
!
!
,  and !

!
!
!
!
!
.3 Each atom has four nearest 

neighbors at the vertices of an irregular tetrahedron and two more at a slight greater 
distance, resulting in a distorted form of the diamond structure4.  Sn exhibits an allotropic 
phase transformation from the BCT structure to a diamond cubic structure at 13.2 °C, 
commonly known as tin pest.  The transformation is accompanied by a volume increase 
of 27%5.  However this transformation is rather sluggish and in pure Sn, requires 
nucleation and growth with an incubation period requiring months and even years for 
completion6-7.  Since most space applications are thermal cycled from hot to cold 
temperature extremes over a relatively short time frame (hours), the primary structure of 
interest is the BCT structure of Sn and the corresponding DBTT that this structure 
exhibits. The crystal orientation and microstructure of the Sn phase will have significant 
effects on the mechanical properties of solder joints8.   

 

Figure 1.1 The crystal structure of BCT Sn. 

1.3 Slip behavior in pure Sn 

This BCT of structure Sn gives rise to several unique deformation mechanisms that 
change as a function of temperature, strain rate and orientation.  At room temperature and 
relatively slow strain rates, Sn deforms by dislocation-mediated slip.  The primary slip 
systems at room temperature have been identified as {100)<001], {110)<001] and 
{100)<010] 9-10.  While these are the preferred slip systems, depending on the crystal 
orientation, Sn can access up to ten different slip systems11.  Figure 1.2 below illustrates 
the slip directions in Sn and Table 1 summarizes the 10 different plausible slip systems. 
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Figure 1.2 The unit cell and slip direction in BCT Sn.11 
 

 
Table 1.1 Plausible slip systems in BCT Sn.11 

1.4 Deformation Twinning in pure Sn 

Conversely, at higher strain rates, one of the more recognizable deformation mechanisms 
at room temperature is tin cry12.  Tin cry is a result of twinning, or shearing of 
crystallographic planes in Sn. Chalmers13, first identified the primary twinning system at 
room temperature to be the {301}<103>.  Additional studies have also identified 
{101}<101> as a secondary twinning system14. The {301}<103> twin is associated with 
a 620 rotation about the twin boundary and the {101}<101> twin which is associated with 
a 570 rotation about the twin boundary4.  Figure 1.3 shows an example the {101} twin.  
The figure shows the pattern of atom positions on the shear plane with the trace of the 
twin plane designated by the thick black line.  Open circles represent the atoms before 
twinning and the filled circles are the final positions.  From this diagram we can see that 
the second undistorted plane is K2 = (101), and the corresponding direction is 𝜂!=[101].3 

through forest dislocations, rather than using
critical resolved shear stress, which is commonly
used when modeling slip behavior in low-tempera-
ture deformation of metals and alloys. In fact,
Düzgün et al.15–17 observed that yield stresses are
often similar in crystals oriented for preferred slip
on different slip systems, but the work-hardening
rates differ significantly. Hence, identification of
critical resolved shear stress has not been
straightforward, as purity and strain rate greatly
affect flow behavior at T > 0.5 Tm. The present
results are from one specimen, so they are exemplary
rather than statistical, but they do show consistency
with prior work.9,10,15–17 These results expand the
degree of knowledge about how Sn deforms.

The single shear lap joint is similar to passive
components such as chip resistor and capacitors
commonly found in electronic systems. With this
geometry a much more uniform simple shear
deformation is imposed than is commonly found in
shear deformation of ball grid arrays, which are
analyzed using a different methodology in a related
paper.8 The uniform strain in this joint is particu-
larly suitable for study using a simulation tool that

provides a well-defined boundary condition on a
simple shape, in contrast to solder balls where the
geometry concentrates deformation in a small
volume near the interface.

EXPERIMENTAL PROCEDURES

The single shear lap specimen examined by
Telang10 was fabricated as a single shear lap speci-
men of eutectic Sn-Ag solder between copper pull tabs.
The single shear lap specimens was prepared with
two copper half-dog-bone specimens, 0.5 mm thick,
that were made by electrodischarge machining
(EDM) from a copper sheet (Fig. 2).18 The copper
dog-bone halves were cleaned in 50% nitric acid and
placed in an apparatus with 600-lm glass plates
serving as spacers to limit joint thickness to 100 lm
and an area of 1 mm2 and to minimize fillet for-
mation during reflow. The eutectic Sn-Ag solder
paste was applied to the end of the copper and
assembled. The tray was heated on a hot plate until
the temperature reached 250!C and removed to cool
on a chill plate where the initial cooling rate was
about 4!C/s. The solder formed fillets on either side
of the joint and some bulged out from the edges.
Excess solder was removed in the polishing process,
which was carried out in a special jig that supported
the joint so as to minimize mechanical deformation
during polishing. Great care was used to minimize
force as excess solder was removed from each side
using a series of abrasive papers and finishing with
colloidal silica. Shear deformation was accom-
plished using a RSA-III thermal/mechanical ana-
lyzer made by Rheometric Scientific, Inc. to impose
a shear strain of 0.8 at room temperature at a strain
rate of 0.1/s.19 Orientation imaging microscopy
(OIM) was done at the same location on the speci-
men before and after deformation using a CamScan
44FE electron microscope with hkl Channel Acqui-
sition software version 4.2 (HKL Technology, Hobro,

Fig. 1. Unit cell and slip directions in Sn (body-centered tetragonal
I41/amd; a squashed diamond cubic structure with a = 5.832,
c = 3.182 Å, c/a = 0.5456).

Table I. Plausible Slip Systems in Sn

Mode Slip System and # in Family

1 {100)h001] 2 Most active
2 {110)h001] 2
3 {100)h010] 2
4 {110)h1!11]/2 4 (like BCC)
5 {110)h1!10] 2
6 {100)h011] 4
7 {001)h010] 2
8 {001)h110) 2
9 {011)h01!1] 4
10 {211)h01!1] 8 Less likely

{hkl)huvw] mixed braces indicates tetragonal crystal symmetry.

Fig. 2. Apparatus used to fabricate single shear lap solder joints.
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Figure 1.3 Atom movements in twinning in BCT Sn.3 
 

 
Figure 1.4 Matrix and the (301) twin.15 
 
Figure 1.4 shows the unit cell of the parent crystal with the crystallographic axis 𝑥! and 
the unit cell of the twin with the crystallographic axes 𝑥!!.

15 The two cells are in contact 
with each other over the common (301) twin plane.  Furthermore, the twin may be 
obtained by a 1800 rotation of the parent crystal around the common [103] direction.  
Table 1.2 summarizes the possible twining planes and directions as well as the associated 
amount of shear with each type of twin. 

K
1
= (103) 
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Table 1.2 Reciprocal twinning modes in BCT tin.14 
 
1.5 The DBTT in Sn based solder 

 
In the cold temperature regime, solder has been primarily characterized by charpy impact 
testing16.  Only limited studies have been performed below room temperature but above 
the DBTT of -125°C17.  Figure 1.5 shows the DBTT of pure Sn as well as many 
commonly used solders in industry.  Table 1.3 summarizes the transition temperature for 
each of those alloys.  As can be seen from Figure 1.5 as various alloying elements are 
introduced, the DBTT shifts either to the right or the left of the pure Sn transition point. 

 
Figure 1.5 Fracture toughness of various sn-based solder alloys as a function of 
temperature.16 
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FIG. 2(b). 301 twin of p-tin. It is a reciprocal (or conjugate) twin of the 101. The twin orientation is shown 
bv the two hexagons, one outlined with a solid line and the other with a dotted line. These form reflection images 
w:ith the center line as the mirror. The angle tl equals the shear and separates the pair of reciprocal lattice vectors 
of the second undistorted plane. The diffraction pattern and the transmission image are correlated by a clockwise 

rotation of 12.5” of the latter. 

TABLE 1. Reciprocal twinning modes in B-tin lamella 
~__ 

Twinning plane, Twinning direction, Second undistorted IXrection, Amount of 
StructureJ K1 Vl plane, K, ‘i? Plane of shear sheer, 8 

B.C. 
Tetragonal 

a = 5.8315 
c = 3.1814 

~___ ~___ 

13011 (103) {lo11 (101) {OlO) 0.0978 

{lOl) (101) {301 J (103) {OlO) 0.0978 
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In a second part of the study (study of the effect of in-
termetallic particles on brittleness behavior), a near-eutectic
Sn–4wt.%Ag–0.5%Cu solder was cast in a small mould in
order to produce an initial microstructure consisting of fine
intermetallic particles in the eutectic regions. Samples were
annealed at different conditions in order to grow the SnAg
particles to different average particle sizes. Since they come
from the same casting, their volume fraction will be approx-
imately the same. Bulk samples of four annealing conditions
were tested, namely: as—cast, 100 h at 150 C, 1000 h at
150 C, 1000 h at 175 C.

The microstructure study was performed by means of cross-
sectioning, optical inspection and scanning electron microscopy
(SEM) observation. The intermetallic particles were visualized
by means of the backscattered electron imaging (BEI) mode.
Quantitative energy dispersive spectrometry (EDS) microanal-
ysis was used for the intermetallics identification.

III. RESULTS

A. Transition Temperatures Determination

The pendulum impact test results, see Fig. 2, show that the
Pb-free solders change their fracture mode from brittle to duc-
tile. For all of them the fracture toughness increased with the de-
crease of the temperature, reaching its maximum just before the
transition temperature. The fracture toughness is related to the
energy that can be absorbed during impact and is proportional to
the product of stress and strain. The elastic properties (E-mod-
ulus and yield strength) of Pb-free solders increase significantly
with decreasing temperature, without significant change in duc-
tility. This effect causes an increase in fracture toughness with
decreasing temperature. At the transition temperature, a drastic
change of the fracture toughness happens. The change in the
absorbed energy is about one order of magnitude, which is a
clear indication for a change in the fracture mode from ductile to
brittle. The transition temperatures and the type of transition are
summarized in Table I. A gradual loss of ductility at low temper-
atures was noticed for Sn-Pb solder, but no sharp transition was
found. On the contrary, sharp transitions were noticed for the
Pb-free solders. The transition temperatures are relatively low.
All studied solders are ductile above 30 C, which is sufficient
for most applications. The analyzed Pb-free solders can be di-
vided in two groups with significant different transition temper-
ature. The first group consist of 99.99%Sn, Sn–0.7wt%Cu and
Sn–0.7wt%Cu(Ni) solder with a transition temperature of about

130 C and a “safe” range above 120 C. This is probably
related to the intrinsic properties of pure Sn and a small amount
of Cu or Cu(Ni) does not cause significant change. On the con-
trary, the second group of Ag containing solders have a sub-
stantial higher transition temperature. The increase of the Ag
content clearly shifts the transition temperature towards higher
values in the range of 78 to 45 C. The highest transition
temperature of 45 C was measured for Sn–5wt.%Ag.

The fracture surfaces of two representative samples are shown
in Fig. 3, namely of Sn–5%Ag and Sn–37%Pb. In Fig. 3(a) the
ductile type of fracture (at high temperature) is shown and in
Fig. 3(b) the brittle one (at low temperature), both in Sn–5%Ag

Fig. 2. Fracture toughness of the studied solders as function of test temperature.

TABLE I
TRANSITION TEMPERATURES OF THE STUDIED SOLDERS

solder, which are typical for all Pb-free alloys. The two frac-
ture surfaces are clearly different. The one at high temperature
is dull and fibery indicating ductile fracture after high plastic de-
formation. The one at low temperature is shiny and crystalline
indicating brittle fracture. On the other hand, the fracture sur-
faces of the Sn–Pb solder, Fig. 3(c) and (d), do not differ signif-
icantly; they both are dull. The fractography results correspond
very well to the pendulum impact test measurements, showing
a clear brittle-to-ductile transition for the Pb-free solders and no
sharp transition in the case of the Sn–Pb solder.

The microstructure of the studied alloys is typical: no second
phases were observed for the high purity Sn, and a lamellar mi-
crostructure is observed for the eutectic Sn–Pb. The Pb-free al-
loys show also a typical microstructure: Sn dendrites and eu-
tectic areas, consisting of Sn matrix and Sn Cu and/or SnAg
particles, depending of the alloy composition. The microstruc-
ture of the Ag containing solders show an increase of the volume
fraction of the intermetallic particles with the increase of the
amount of Ag, see Figs. 4–6, which should be expected because
Ag, which is not soluble in Sn is the main contributor to the in-
termetallics formation. The increase of the volume fraction of
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Table 1.3 Transition temperatures of the solder alloys shown in Figure 1.5.16 
 
While the charpy test is very useful for identifying the transition from ductile to brittle 
behavior, it does not shed light on the mechanisms that are driving these transitions. 
Previous studies have demonstrated the use of in situ small-scale cryogenic indentation 
testing18, however no similar systems have been reported that could reach a low enough 
temperature to characterize the DBTT of Sn.  There has yet to be a systematic study that 
explores the deformation mechanisms below the DBTT and at strain rates that do not 
induce fracture, which is representative of solder joints that are thermal cycled in this 
regime.  The objective of this work is to better understand the change in deformation 
mechanisms responsible for the ductile to brittle transition in Sn.  This study discusses 
the use of a new experimental apparatus- an in situ scanning electron microscope (SEM) 
cryogenic mechanical testing system and its initial application to characterize the 
plasticity of Sn both at room temperature and below the DBTT.  After establishing the 
primary deformation mechanisms in pure Sn below the DBTT, this study will also focus 
on a commonly used Pb free solder, Sn96.5Ag3.5 also known as Sn96 which will be 
discussed in more detail in the next section. 
 
1.6 Material Selection 

  
As mentioned in the previous sections, this work will first focus on the deformation 
mechanisms in pure Sn, since it is the primary constituent in most solder alloys.  In 
addition to investigating the pure Sn case, Sn96.5Ag3.5 will also be investigated in order 
to better understand the effect that alloying has on the DBTT.  Sn96 is considered a high 
temperature solder as the eutectic melting temperature is at 2210C. Unlike pure Sn, Sn 96 
exhibits a DBTT at a warmer temperature at -450C as shown in Figure 1.5.  This alloy is 
also commonly used within the aerospace community, making the DBTT relevant to 
microelectronic reliability where this alloy is used.  Furthermore, while SnPb eutectic 
solder is still the most widely used solder alloy, due to the hazards that Pb poses to the 
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In a second part of the study (study of the effect of in-
termetallic particles on brittleness behavior), a near-eutectic
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ysis was used for the intermetallics identification.
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The pendulum impact test results, see Fig. 2, show that the
Pb-free solders change their fracture mode from brittle to duc-
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TRANSITION TEMPERATURES OF THE STUDIED SOLDERS

solder, which are typical for all Pb-free alloys. The two frac-
ture surfaces are clearly different. The one at high temperature
is dull and fibery indicating ductile fracture after high plastic de-
formation. The one at low temperature is shiny and crystalline
indicating brittle fracture. On the other hand, the fracture sur-
faces of the Sn–Pb solder, Fig. 3(c) and (d), do not differ signif-
icantly; they both are dull. The fractography results correspond
very well to the pendulum impact test measurements, showing
a clear brittle-to-ductile transition for the Pb-free solders and no
sharp transition in the case of the Sn–Pb solder.

The microstructure of the studied alloys is typical: no second
phases were observed for the high purity Sn, and a lamellar mi-
crostructure is observed for the eutectic Sn–Pb. The Pb-free al-
loys show also a typical microstructure: Sn dendrites and eu-
tectic areas, consisting of Sn matrix and Sn Cu and/or SnAg
particles, depending of the alloy composition. The microstruc-
ture of the Ag containing solders show an increase of the volume
fraction of the intermetallic particles with the increase of the
amount of Ag, see Figs. 4–6, which should be expected because
Ag, which is not soluble in Sn is the main contributor to the in-
termetallics formation. The increase of the volume fraction of
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environment, many members of the microelectronic community have started gravitating 
away from Pb based solders.  Therefore making it even more important that we fully 
characterize and understand the behavior of Pb-free solders at low temperature. 
 
The phase diagram for Sn96 is shown below in Figure 1.6, which clearly shows the 
formation of an intermetallic, Ag3Sn, upon solidification.  Ag3Sn is a brittle intermetallic 
with an orthorhombic crystal structure and lattice parameters of a = 0.5968, b = 0.47802, 
and c = 0.51843.  This study will also evaluate the effect that the intermetallic has on the 
deformation behavior of the alloy below the DBTT. 
 

 
Figure 1.6 The SnAg phase diagram. 
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  Chapter 2 
 

    Experimental 
 
 

2.1 Development of the Cryo Stage 
 

The in situ cryogenic microcompression experiments described in this dissertation were 
made possible through the development of a novel stage for a Scanning Electron 
Microscope (SEM).  The cryo stage was built through a collaboration with Hysitron, 
Hummingbird Scientific and UC Berkeley.  The cryo stage was built to mate with an 
existing in situ Hysitron PI-85 nano indenter (shown in Figure 2.1).  Building an in situ 
cryo stage for SEM poses several unique challenges.  In order to minimize thermal drift, 
it was necessary to cool both the sample and the indenter tip.  The cryo stage needed to 
be thermally isolated from the rest of the SEM chamber in order to cool both the sample 
and tip efficiently.  Since the PI-85 measures force through a very sensitive transducer, 
this also meant that the cooling apparatus for the diamond tip needed to be isolated from 
the rest of the transducer so as to not adversely affect the transducer.   The same was true 
for the sample stage, which moves through a piezoelectric motor, cooling of the sample 
had to be isolated and limited only to the sample itself and not the entire stage.  Using 
these design considerations, UC Berkeley worked closely with Hummingbird Scientific 
to manufacture the in situ cryo stage that is detailed in this chapter.  All experiments 
pertaining to the cryo stage were performed on an FEI Quanta 3D SEM. 
 
 
 

 
Figure 2.1 The Hysitron in situ PI-85 nanoindenter. 
 

7KH� 3,� ��� VRIWZDUH� SDFNDJH� LQFOXGHV� LQWHJUDWHG� WHVW� VHWXS��
GDWD� DQDO\VLV�� VDPSOH� SRVLWLRQLQJ�� DQG� V\QFKURQL]DWLRQ� RI�
PHFKDQLFDO�GDWD�ZLWK�6(0�YLGHR��$XWRPDWHG�URXWLQHV�DUH�DOVR�
LQFRUSRUDWHG� IRU� WKH� WLS�VDPSOH� DSSURDFK� DQG� IRU� KDQGV�RII�
H[HFXWLRQ�RI�LQGHQW�DUUD\V�

3,����6(0�3LFR,QGHQWHU�

3,����6(0�3LFR,QGHQWHU
4XDQWLWDWLYH�QDQRPHFKDQLFDO�WHVWLQJ�LQWHUIDFHG�ZLWK�\RXU�6(0��

7KH�3,� ��� LV� D� GHSWK�VHQVLQJ� LQGHQWHU� WKDW� FDQ� EH� LQWHUIDFHG�
ZLWK�D�VFDQQLQJ�HOHFWURQ�PLFURVFRSH��6(0���:LWK�WKLV�V\VWHP�
LW� LV� SRVVLEOH� WR� SHUIRUP� TXDQWLWDWLYH� QDQRPHFKDQLFDO� WHVWLQJ�
ZKLOH� VLPXOWDQHRXVO\� LPDJLQJ�ZLWK� WKH�6(0��&RXSOLQJ� WKHVH�
WZR� WHFKQLTXHV� DOORZV� WKH� UHVHDUFKHU� WR� SRVLWLRQ� WKH� SUREH�
H[WUHPHO\� DFFXUDWHO\� DQG� WR� LPDJH� WKH� GHIRUPDWLRQ� SURFHVV�
WKURXJKRXW�WKH�WHVW��

7KLV� V\VWHP� LV� GHVLJQHG� IRU� H[FHSWLRQDO� SHUIRUPDQFH� LQ� WKH�
HOHFWURQ�PLFURVFRSH��ZLWK�D�YDFXXP�FRPSDWLEOH�WUDQVGXFHU�DQG�
DQ� HOHFWULFDOO\� FRQGXFWLYH� SUREH�� :LWK� +\VLWURQ¶V� FDSDFLWLYH�
WUDQVGXFHU�� IRUFH� LV�DSSOLHG�HOHFWURVWDWLFDOO\�DQG�GLVSODFHPHQW�
LV�PHDVXUHG�FDSDFLWLYHO\��7KLV�ORZ�FXUUHQW�GHVLJQ�SURYLGHV�ORZ�
WKHUPDO�GULIW�DQG�LQGXVWU\�OHDGLQJ�VWDELOLW\�DQG�VHQVLWLYLW\�

7KH�3,����V\VWHP�LV�LGHDO�IRU�FKDUDFWHUL]LQJ�IUDFWXUH�RQVHW�DQG�
FUDFN�SURSDJDWLRQ��GHODPLQDWLRQ��DQG�SLOH�XS��$OVR��WLPH�VHQVLWLYH�
SKHQRPHQD� VXFK� DV� YLVFRHODVWLF� EHKDYLRU� FDQ� EH� REVHUYHG� LQ�
UHDO�WLPH��7KH�SDLULQJ�RI�WKHVH�WZR�KLJK�UHVROXWLRQ�WHFKQLTXHV�
SURYLGHV� XQLTXH� LQVLJKW� LQWR� WKH�PHFKDQLVPV� UHVSRQVLEOH� IRU�
PDWHULDOV�EHKDYLRU���

'HVLJQHG�IRU�3HUIRUPDQFH
:LWK� WKH� FRPSDFW�GHVLJQ�RI�+\VLWURQ¶V� FDSDFLWLYH� WUDQVGXFHU��
WKH�3,����FDQ�EH�PRXQWHG�GLUHFWO\�RQWR�WKH�6(0�VWDJH�ZLWKRXW�
EHLQJ� D� SHUPDQHQW� ¿[WXUH� LQ� WKH� PLFURVFRSH�� 7KH� FRPSDFW�
SODWIRUP�RI�WKH�LQVWUXPHQW�DOORZV�IRU�PD[LPXP�VWDJH�WLOW�DQG�
PLQLPXP� ZRUNLQJ� GLVWDQFH� IRU� LPDJLQJ� GXULQJ� WHVWLQJ�� 7KH�
V\VWHP� LV� GHVLJQHG� WR� DFFRPPRGDWH� VDPSOHV� XS� WR� ��� PP�
WKLFN��ZLWK�;<=� WUDQVODWLRQ� VWDJHV� WR�SURYLGH�SUHFLVH� VDPSOH�
SRVLWLRQLQJ�ZLWK�!��PP�UDQJH�LQ�WKUHH�GLPHQVLRQV��

7KH� 3,� ��� LQVWUXPHQW� LV� GULYHQ� E\� WKH� QHZO\� GHVLJQHG�
SHUIRUPHFK�� '63�HPEHGGHG� FRQWUROOHU�� ZKLFK� ERDVWV� DQ�
XOWUD�ORZ�QRLVH�ÀRRU�DQG�D����N+]�GLJLWDO� IHHGEDFN� URXWLQH��
,Q� DGGLWLRQ�� WKH� PHFKDQLFDO� FRXSOLQJ� RI� WKH� VDPSOH� VWDJH�
DQG� WKH� WUDQVGXFHU� SURYLGHV� D� VWDEOH�� ULJLG� SODWIRUP� IRU�
QDQRPHFKDQLFDO�WHVWLQJ�

0HFKDQLFDO�GDWD�IURP�WKH�3,����LV�IXOO\�V\QFKURQL]HG�ZLWK�WKH�6(0�YLGHR��SURYLGLQJ�
D�FRPSOHWH�XQGHUVWDQGLQJ�RI�WKH�GHIRUPDWLRQ�SURFHVV�

3,�6(5,(6

���� �:(67 � �� 7+� 67� �0 ,11($32 / , 6 � �01 ������ � � � 7 ( / � � � � ��� � ��� � ���� � � )$ ; � � � � ��� � ��� � � ��� � � :::�+<6 , 7 521�&20



	   9	  

 
 
2.2 Calibration of the Cryo Stage 

 
As mentioned in the previous section, the cryo system cooled the tip and sample 
simultaneously in order to minimize thermal drift. Figure 2.2a shows a schematic of the 
cooling system and the nanoindenter.  Figures 2.2b and 2.2c show temperature data taken 
by attaching a thermocouple directly to the sample platform to characterize the stability 
of the cooling system. We want to emphasize that accurate sample temperature and good 
sample-tip temperature calibration is critical for environmental testing such as this. As an 
example of the stability achieved by our system, Figure 2.2b is a cooling curve showing 
that the system stabilizes approximately 2000 seconds after cooling is initiated. Figure 
2.2c demonstrates the thermal stability of the system when the tip contacts the sample (in 
the case of the calibration study, the thermocouple was the sample). A Type K 
thermocouple was used for this study which is rated from -200 °C to 900 °C.  A small 
deviation in the temperature recoding can be seen around 25 seconds corresponding to 
the point at which contact to the thermocouple was made by the diamond indenter tip. 
After this initial contact the temperature stabilized almost immediately while the tip 
remained in contact with the thermocouple. It is necessary to perform these tests under 
vacuum since otherwise ice will form on the specimen from the air humidity.  Figure 2.3 
shows an image of the cryo stage attachment that mates to the Pi-85 nano indenter shown 
in Figure 2.1. 
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Figure 2.2 Overview of the in situ cryogenic testing system. (a) Schematic of the cooling 
system and the nanoindentation stage. (b) Cooling curve showing that the system 
stabilizes approximately 2000 seconds after cooling is turned on. (c) Demonstration of 
the thermal stability of the system by using a thermocouple as a sample. A small 
deviation in the temperature recoding can be seen around 25 seconds corresponding to 
the point at which contact to the thermocouple was made by the diamond indenter tip. 
After this initial contact the temperature stabilized almost immediately while the tip 
remained in contact with the sample. 
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Figure 2.3 Image of the cryo stage attachment that mates to the Hysitron Pi-85 nano 
indenter, (not shown are the nitrogen gas lines). 

 
2.3 Specimen Fabrication 

 
As mentioned in Chapter 1, because pure Sn is the primary constituent in most solders, 
pure Sn was examined and characterized first in order to obtain a greater understanding 
of the deformation behavior below the Sn DBTT.  In addition to pure Sn, a common high 
temperature solder, Sn 96, was also evaluated. The purpose of characterizing Sn96 in 
addition to Pure Sn was to obtain a greater understanding of the effect that alloying has 
on the solder DBTT.   

 
2.3.1 Micro-compression Specimens  

 
Pure Sn Micro-compression specimens 
 
Micro-compression specimens (micropillars) with a square cross-section of 3x3 microns 
in width were fabricated from a polycrystalline Sn sample using a dual beam focused ion 
beam (FIB) microscope.  Prior to micropillar fabrication, the sample was mechanically-
polished on two adjacent faces.   During polishing the Sn was mounted directly next to a 
thin piece of steel in order to prevent deformation and rounding near the edge of the Sn.  
The samples were planarized using SiC grinding paper with water as a lubricant and were 
then polished with 0.3𝜇m, 0.1𝜇m alumina polishing solutions, and 0.05𝜇m colloidal 
silica polishing solution.  Figure 2.4 presents a schematic of the polishing configuration 
as well as the resulting as polished pure Sn microstructure. 

10/25/2012 DBV CONFIDENTIAL 
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Figure 2.4 Schematic of the polishing configuration (top) and the resulting polished Sn 
microstructure (bottom). 
 
Prior to ion beam machining, Electron Backscattered Diffraction (EBSD) was used to 
identify grains for micropillar locations.  Two grains were chosen for micropillar 
fabrication in order to investigate any effect of orientation on deformation behavior 
below the DBTT.  The first grain had a (100) orientation with respect to the applied load 
direction and the second grain was rotated approximately 52° from the first orientation 
with a (45̄1) orientation.  Fabrication of the micropillars was similar to the method 
demonstrated by Reinhold et al.19 using a FEI Quanta dual beam FIB/Scanning Electron 
Microscope (SEM) with a Ga+ ion source operated at 30keV.  Micropillars were 
fabricated close to the polished edge using an ion current of 1nA for coarse milling and 
10pA for a final polish of the pillar faces.  The sample taper was controlled by polishing 
all four sample sides individually with adjusted tilt angles on the order of 2 degrees.  A 
final polish was done on the top surface of the micropillar by tilting the sample to 90° in 
order to ensure that top of the micropillar is flat and uniform.  These steps were taken in 
order ensure a homogeneous stress distribution during loading.  A total of seven 
micropillars were manufactured in the (100) grain and four micropillars were 
manufactured in the (45̄1) grain.   
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Sn96 Micro-compression specimens 
 
Micro-compression specimens fabricated in the Sn96 alloy used the same procedure 
detailed above for the pure Sn case with the following exceptions.  Compared to the pure 
Sn specimen which has an average grain size of ~150 microns, Sn96 has a much smaller 
grain size of ~25-45 microns. Due to the smaller grain size, it was not possible to make 
large sets of pillars with a single orientation, as it was for the pure Sn case.  Furthermore, 
since the objective is to better understand the alloying effect on the DBTT, it was 
necessary to fabricate pillars that contained both the Sn rich phase as well as the IMC, 
Ag3Sn and therefore are polycrystalline in nature.  EBSD was still used to identify pillar 
locations and quantify the phases and grains in a given pillar as well as document the 
microstructure of the pillars both pre and post cryogenic micro-compression.   
 
2.3.2 Clamped Beam Geometry Fabrication 

 
In addition to the pillar geometry that was used for both pure Sn and Sn96, an alternate 
geometry was also evaluated.  While the pillar geometry is useful in identifying 
deformation mechanisms it is limited in that it says little about the fracture behavior of 
the material.  In situ testing provides the necessary environment to observe fracture at 
smaller length scales which allows us to link the deformation mechanisms of the material 
with the fracture behavior20.  The geometry used in this study is a loaded edge-notched 
doubly clamped beam, which allows us to investigate the crack trajectory across the beam 
thickness. The methodology and fabrication of these specimens was adapted from 
previous studies done by Jaya et al.21,20 Figure 2.5 shows an example of the clamped 
beam geometry.  
 

 
Figure 2.5 Clamped beam specimen in Sn96, showing the typical geometry used for 
testing. 
 
Solder joints that are used for aerospace applications are thermal cycled over a wide 
range of temperatures, which can eventually lead to the formation of cracks in the solder 



	   14	  

joint. By utilizing this geometry, we can characterize how the crack behaves in a variety 
of situations.  For example, ahead of a grain boundary within the sample matrix, ahead of 
an intermetallic phase, and within an intermetallic phase.  This geometry was applied to 
the Sn96 alloy, which allowed for direct characterization of how the intermetallic 
affected crack behavior. 
 
Samples were first polished and prepared as described in section 2.3.1.  The FIB was then 
used to mill out doubly clamped beams with beam current of 5.nA.  The length (l) to 
width (W) ratio in all of these beams was maintained to be greater then 4 while crack 
length (a) to width (W) ratio was between 0.3 and 0.4.  Beam dimensions were chosen on 
the basis of both the microstructural feature being tested (i.e an intermetallic) and small-
scale yielding criteria.  Four different beams were evaluated; each with a unique 
microstructural configuration. The dimensions of each beam are summarized in Table 2.1 
below. 
 

Specimen	  
Length	  
(L)	  	  µm	  

Width	  
(W)	  µm	  

Thickness	  
(t)	  µm	  

Crack	  
Length	  (a)	  

µm	   Description	  

1	   84.1	   9.32	   4.80	   2.80	  
Crack	  was	  not	  
ahead	  of	  any	  
intermetallics	  

2	   72.4	   9.24	   3.81	   3.15	  
Crack	  ahead	  
of	  Ag3Sn	  
intermetallic	  

3	   49.6	   5.19	   2.69	   1.83	  
Crack	  ahead	  
of	  Ag3Sn	  
intermetallic	  

4	   55.2	   5.34	   3.72	   1.67	  

Crack	  
initiated	  
within	  Ag3Sn	  
intermetallic	  

 
Table 2.1 Summary of clamped beam specimens and their corresponding geometry and 
description. 
 
2.4 Cryogenic Mechanical Testing Pillar Testing of Pure Sn 

 
Micropillar tests were performed on the (100) and (45̄1) oriented specimens at both room 
temperature at -142 °C. Testing was performed in situ in the FIB using a Hysitron PI-85 
nanoindenter with a flat-tip diamond punch.  Cryogenic testing of the Sn micropillars was 
performed when the sample and tip stabilized at -142 °C (±2.5 °C) as measured by a 
thermocouple attached to a pure Sn sample that was mounted on the sample platform.  A 
flattened conical diamond tip with a diameter of 5µm was used to compress the 
micropillars.  Sample loading was performed in displacement control with a strain rate of 
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10-3s-1.  The load and displacement data as well as SEM images were captured during the 
test.  Figure 2.6 shows a schematic of the cryo stage with the sample mounted and it’s 
orientation with respect to the diamond tip.  

 

 
Figure 2.6 Schematic of the sample mounted to the cryo stage as well as the resulting as 
fabricated pillars that are visible in the SEM. 

 
Pillar Testing of Sn96 
 
Micropillar tests performed on the Sn96 were conducted much in the same way as the 
pure Sn specimens described above.  A flattened conical diamond tip with a diameter of 
5µm was used to compress the micropillars.  Sample loading was performed in 
displacement control mode with a strain rate of 10-3s-1.  The load and displacement data 
as well as SEM images were captured during the test.  A total of 10 pillars were tested at 
room temperature and 15 pillars were tested at -142 °C (±2.5 °C), which is well below 
the DBTT of Sn 96 which is at -45 °C. 
 
Clamped Beam Testing of Sn96 
 
The clamped beam specimens were performed in situ in the FIB using a Hysitron PI-85 
nanoindenter.  The FIB machined clamped micro-beams were loaded using a wedge 
tipped nanoindenter.  The indenter was blunt enough to not produce permanent 
impressions on the specimens, so as to generate pure bending20,21.  The radius of the 
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wedge was approximately 1.5 𝜇𝑚.  All of the clamped beam specimens were tested at -
142 °C (±2.5 °C).  Due to the soft nature of Sn96 at room temperature, this geometry was 
not useful above the DBTT. All testing was performed in load-control mode and the 
loading rate was kept constant at 0.5 mN/s.  The load-displacement data and the real-time 
video of the bending deformation were captured and used for post experimental analysis. 
 
2.5 Specimen Characterization 
2.5.1 EBSD and Transmission EBSD 

 
As mentioned in section 2.3.1, EBSD was initially used to identify grains for micropillar 
and clamped beam fabrication.  After the micropillars were compressed both at room 
temperature and at -142 °C, EBSD was used to characterize the orientation of the 
micropillars and clamped beam geometry specimens.  Following EBSD analysis, a 
representative room temperature and cryo-compressed micropillar and clamped beam 
specimen were selected from each grain or configuration tested.  These selected 
micropillars and microbeams were lifted out of the bulk sample using an FEI Quanta 
Dual Beam FIB with Kleindiek nano manipulators.  Micropillars and microbeams were 
mounted to a standard TEM copper half grid.  A platinum layer was deposited prior to 
any ion milling to protect the specimen’s microstructure.   Micropillars and microbeams 
were thinned to electron transparency in the FIB with a final polish of 5keV and 44pA in 
order to minimize FIB damage.   
 
The technique of transmission EBSD (t-EBSD)22 was utilized to characterize the 
microstructure of the micropillars. The primary advantage of this technique is the 
improved spatial resolution in comparison to traditional EBSD, which can be below 
10nm23.  Figure 2.7 shows a monte carlo simulation that was performed by Keller and 
Geiss that underscores how the reduced spatial resolution is achieved by a reduction in 
the sample interaction volume.22 T-EBSD was used to characterize the microstructure of 
both room temperature and cryo-compressed micropillars as well as cryo-compressed 
microbeams, using the conditions outlined by Kacher, et al.24 Analysis was performed 
using Oxford/HKL data collection software at an accelerating voltage of 30 kV.  The 
samples were analyzed at a working distance of 5mm using a custom-built stage that 
positioned the TEM grid normal to the electron beam.  A step size of 50nm was used for 
each sample.  The collected data were used to construct inverse pole figure (IPF) maps.  
A low level of data interpolation was used with a criterion of 7 neighbors for 
extrapolation.  Wild spikes and zero solutions were also removed.  All maps were 
compared with band contrast maps to verify that the noise reduction did not lead to any 
spurious results. 
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Figure 2.7 Monte Carlo simulations (100,000 electrons per simulation) of scattering 
trajectories for 40 nm nickel/2.5 nm Ta/50 nm amorphous Si3N4.  Beam energy =28 keV.  
Incident beam direction downward in trajectory figures.  Trajectories for 100 electrons 
each in conventional EBSD configuration (left-hand side) and t-EBSD configuration 
(right-hand side).  Red configurations indicate electrons backscattering out of the incident 
beam entrance surface.  Blue trajectories indicate electrons that have either transmitted 
through or stopped within the specimen.  Note significant difference in interaction 
volumes.22 

 
2.5.2 Transmission Electron Microscopy 

 
All of the micropillars and microbeams that were examined with t-EBSD were also 
characterized using Transmission Electron Microscopy (TEM) in order to verify the t-
EBSD results and to analyze the underlying defect structure.  Characterization of the lift-
out samples was performed in a JEOL 3010 LaB6 TEM operated at 300 kV at the 
National Center for Electron Microscopy. 
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EBSD configuration, with specimen tilted 20! away from
the detector, and the nickel side down. The transmission
patterns contain identifiable reflections, with strong contrast,
suggesting that the sampling volumes were largely confined to
individual grains, even after traversing the amorphous nitride
layer. Patterns obtained in that geometry also showed higher
average pattern sharpness or ‘image quality’, a parameter
for quantifying the clarity of Kikuchi bands in a pattern.
Twenty additional patterns taken in each of the two specimen
configurations confirmed that the trend of improved data
collection by the transmission method is repeatable over
different areas of the film.

Because the patterns of Figure 3(c) appear to be pushing
the lateral spatial resolution limits of the t-EBSD method,
evidenced by some diffuseness in the reflections, we provide
two additional examples of diffraction patterns obtained in
transmission to show the quality of reflections that may be
obtained in the absence of interference from grain boundaries
or multiple crystallites through the specimen thickness. The
pattern in Figure 3(d) was obtained from a copper film of
thickness 50 nm, which was annealed to provide grains larger
than those of the nickel film. The pattern in Figure 3(e)
was obtained from a GaN nanowire of approximate diameter
50 nm.

Discussion

We view t-EBSD as a blend between conventional EBSD
and high-energy transmission Kikuchi diffraction, akin to
arguments presented by Winkelmann (2010). Emphasis is
on scattering within the specimen leading to changes in the
propagation direction of electrons, which then coherently
forward scatter out of the crystal, through the specimen.
Monte Carlo scattering simulations (Drouin et al., 2007)
were performed for the polycrystalline nickel specimen to
demonstrate the effects of the transmission geometry and
specimen tilt away from the detector, focusing on relative
differences in signal energy and probe size at the specimen exit
surface, as compared to the EBSD configuration. Limitations
of this Monte Carlo method focus largely on the neglect
of inelastic scattering, resulting in overestimates of energy
distributions (Zaefferer, 2007; Winkelmann, 2010).

Figure 4 shows simulated electron trajectories in the EBSD
and t-EBSD configurations for an incident beam energy of
28 keV, with a 5 nm diameter incident beam direction
downward. The transmission case shows a scattering
distribution that exhibits a significantly smaller interaction
volume within the specimen than the conventional EBSD case.
Rough estimates of the beam diameter at the exit surfaces were
made by considering the electron energy losses, as a function
of position within the appropriate exit plane of the specimen.
Such estimates can be treated as an approximate indication
of the extent of beam broadening within the specimen, prior
to electron escape, with the assumption that elastic scattering

e- e-

EBSD

t-EBSD

Ni
Ta Si3N4

Ni

Ta

Si3N4

82.5 nm

Fig. 4. Monte Carlo simulations (100 000 electrons per simulation) of
scattering trajectories for 40 nm nickel/2.5 nm Ta/40 nm amorphous
Si3N4. Beam energy = 28 keV. Incident beam direction downward in
trajectory figures. Trajectories for 100 electrons each in conventional
EBSD configuration (left-hand side) and t-EBSD configuration (right-hand
side). Red trajectories indicate electrons backscattering out of the incident
beam entrance surface. Blue trajectories indicate electrons that have either
transmitted through or stopped within the specimen. Note significant
difference in interaction volumes.

dominates. This assumption may lead to a slight overestimate
of the energy distribution (Zaefferer, 2007; Winkelmann,
2010; and perhaps, the extent of broadening), but may still
result in reasonable estimates of lateral spatial resolution,
especially when comparing in a relative sense.

For the conventional EBSD configuration, we consider as
an approximation for lateral spatial resolution the diameter
of the area of the top surface out of which backscattered
electrons exit, while retaining at least 90% of the primary
beam energy. This energy level is consistent with estimates
given in references (Ren et al., 1998; Deal et al., 2008),
which suggest that such low-loss electrons contribute most
strongly to diffraction pattern contrast. The large specimen
tilt results in an elongated interaction volume in the direction
normal to the tilt axis. We consider the diameter of the
escape area in this direction in our resolution estimate.
Another consequence of high angles of tilt is the fact that the
escape area is displaced somewhat from the precise landing
point of the primary beam; from a practical standpoint, this
means we must also consider that displacement in estimating
spatial resolution. The simulations suggested that low-loss
backscattered electrons leave the surface over a range of
approximately 80 nm to 150 nm away from the landing
position of the primary beam; these electrons emerged from
a region of approximate diameter 70 nm, in the direction
perpendicular to the specimen tilt axis. However, as indicated
above, for practical purposes, the lateral spatial resolution
normal to the specimen tilt axis may be considered to include

C" 2011. This article is in the public domain., 245, 245–251
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    Chapter 3 
 
Results & Discussion 

 
 
3.1 Cryogenic Micromechanical Testing of Pure Sn 

 
The mechanical response of pure Sn above and below the DBTT was dramatically 
different.  Figure 3.1 shows the mechanical testing data for the micropillars compressed 
in the (100) orientation both at room temperature and at -142 °C, which is well below the 
DBTT of Sn. Micropillars that were compressed at room temperature exhibited slip, as 
evident in both the stress-strain behavior and slip traces that could be seen on the SEM 
micrographs of the micropillar surface.  The cryo-compressed micropillars exhibited a 
significant increase in strength and different deformation behavior consisting of 
uncontrolled strain bursts. 
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Figure 3.1 Summary of the stress-strain behavior of the Sn micropillars from the (100) 
grain, compressed both at room temperature and at -142 °C. The cryogenic micropillars 
show both higher strength and large strain bursts at yielding. 
 
In addition, Figure 3.2 shows images from representative micropillar tests from both a 
sample strained at room temperature and one at -142 °C.  Unlike the room temperature 
micropillars, which kept in constant contact with the diamond tip during the entire test, 
the cryo-compressed micropillars deformed suddenly and catastrophically and lost 
contact with the tip after reaching maximum strength.  This loss of contact is reflected in 
the unloading curves of the cryo-compressed micropillars.  The observed difference in 
the mechanical response between the micropillars tested at room temperature and at -142 
°C suggests that a different deformation mechanism is activated above and below the 
DBTT. Additional characterization techniques such as EBSD, t-EBSD and TEM were 
employed in order to identify and understand these different mechanisms. 
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Figure 3.2 SEM micrographs from in situ microcompression testing at room temperature 
(top row) and -142 °C (bottom row). Top row: (left) Image near the start of the room 
temperature test, (middle) image towards the end of the room temperature test, (right) 
image from a different angle after the room temp test.  Bottom Row: (left) Image near the 
start of the cryogenic test, (middle) image directly after a large deformation event in the 
cryogenic test, (right) image from a different angle after the cryogenic test. 
 
3.2 Characterization of pure Sn micropillars 

 
EBSD was used to characterize both groups of micropillars directly following 
compression testing.  As can be seen in Figure 3.3, all of the cryo-compressed 
micropillars showed a different orientation then the parent grain after compression. 
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Figure 3.3: The seven (001) Sn micropillars corresponding to the mechanical data shown 
in Figure 2. (a) SEM image prior to compression, and (b) the corresponding EBSD map 
(ipf Z) after all seven micropillars have been compressed. The 4 micropillars at the left 
were compressed at room temperature, while the 3 micropillars deformed at -142C are on 
the right. As can be seen from the EBSD map, the cryogenically-tested micropillars have 
a different orientation than the parent grain below after compression. 
 
Further analysis revealed that all of the cryo-compressed micropillars exhibited twinning. 
Each cryo-compressed (100) micropillar was twinned to a new orientation that was 
related to the base orientation by a 60 degree rotation about the [100] direction, as can be 
seen in the t-EBSD scan shown in Figure 3.4. 
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Figure 3.4: Transmission EBSD maps of a cryogenically-compressed micropillar from 
the (100) orientation showing the presence of 2 twins. (Maps are shown as IPF Z, Y and 
X) 
 
This twinning behavior is consistent with the formation of the {301} and {101} twin in 
Sn25,26.  The twinning angles associated with these two twins are similar, 62.8° and 57.2°.  
The 60° observed rotation results from misfits between segments, which is consistent 
with observations of low angle tilt boundaries in the TEM. However, the t-EBSD analysis 
of the cryo-compressed micropillar, shown in Figure 3.4, clearly resolves two twins 
within the micropillar and enabled direct characterization of each individual twin.  The 
microstructure shown in Figure 3.4 has two twin orientations. The first twin, labeled as 
twin 1 in Figure 3.4 is consistent with the {301} twin with a 62.9 degree rotation about 
the <001>, and second twin is rotated 58.9 degrees from the first twin, also about the 
<001> which is consistent with the {101} twin.  
 
TEM analysis was performed on the micropillars in order to verify the t-EBSD results 
and look for evidence of any other underlying deformation mechanisms.  Figure 3.5 
shows a TEM micrograph of the cryo-compressed micropillar. 
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Figure 3.5 TEM micrograph of cryo-compressed micropillar 6, the boxed region 
corresponds to the boundary shown in Figure 3.6. 
 
It can be clearly seen from the TEM micrograph that the twin boundaries directly 
correlate to the t-EBSD results.  TEM analysis also revealed the presence of low angle tilt 
boundaries. Figure 3.6 shows one of the twin boundaries as indicated in Figure 3.5 at 
higher magnification and with selected area diffraction patterns. It is interesting to note 
that the interiors of both the parent (untwinned) and twinned grains are relatively free of 
defects, consistent with the deformation being accommodated exclusively through 
twinning.  
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Figure 3.6 (a) TEM micrograph of a twin boundary from the cryogenically-compressed 
micropillar shown in Figures 3.4 and 3.5. Selected area diffraction pattern of the 
boundary (b), left of the boundary (c), right of the boundary (d). The zone axes are 
labeled in (c) and (d). 
 
The t-EBSD scan of a micropillar compressed at room temperature is shown in Figure 
3.7.  Here, the orientation remains unchanged from the parent grain, consistent with 
dislocation plasticity and no twinning at room temperature. The observed orientation 
gradient across the length of the micropillar in the EBSD map suggests an accumulation 
of geometrically necessary dislocations. 
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Figure 3.7 Transmission EBSD map (IPF X) of a (001) micropillar compressed at room 
temperature showing that the micropillar maintained its original orientation after 
compression. Even though the entire micropillar is nominally the same orientation as it 
was before compression, a slight color gradient can be seen corresponding to 
geometrically-necessary dislocations arranged in the micropillar.  The boxed region 
corresponds to the region imaged in Figure 3.8. 
 
TEM was also performed on the room temperature compressed micropillar, which 
confirmed the t-EBSD results as shown in Figure 3.8.  The room temperature compressed 
micropillar did not show any evidence of twinning, rather the microstructure was 
characterized by a high density of dislocations.  Due to the high dislocation density, upon 
thinning the room temperature compressed micropillar bent considerably preventing 
reliable characterization of the Burgers vectors of the dislocations.   
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Figure 3.8 TEM micrographs of the deformed room temperature compressed micropillar 
shown in Figure 3.7. The sample is heavily dislocated after deformation, unlike the 
cryogenically-compressed pillar shown in Figure 3.5. 	  
 
In order to verify that the observed twinning behavior at cryogenic temperatures was not 
related to the highly symmetric (100) orientation, the experiment was repeated on a (45̄1) 
oriented grain, which is rotated approximately 52° from the (100) orientation.  
Presumably, this orientation can be considered random and would not result in any 
preferred axis for twinning.  Similar to the first orientation, the (45̄1) oriented 
micropillars compressed below the DBTT exhibited a significantly higher strength and 
very different deformation behavior then micropillars compressed at room temperature.  
Figure 3.9 summarizes the stress-strain behavior for micropillars compressed in the (45̄1) 
orientation.  EBSD and t-EBSD of these micropillars after compression was performed, 
and again the cryo-compressed micropillars exhibited twinning and the room temperature 
micropillars exhibited dislocation slip.  Similarly both twin types were observed in the 
(45̄1) orientated grain. As the stress vs. strain data shows, for the (45̄1) orientation both 
the cryo-compressed micropillars and the room temperature micropillars lost contact with 
the tip upon yielding and demonstrated large strain bursts. The reason that the (45̄1) room 
temperature case also lost contact with the tip upon loading in this orientation is 
presumably due to large dislocation avalanches along a limited number of systems. 
Whereas the symmetric (100) orientation has multiple dislocation slip systems with 
similar Schmid factors, the (45̄1) orientation has a few highly-preferred slip systems.   
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Figure 3.9  (a) Stress vs. strain data from the (45̄1) oriented micropillars tested at room 
temperature (red) and -142 °C (blue). (b) T-EBSD of a (45̄1) micropillar compressed at -
142 °C, showing that the entire micropillar has reoriented through twinning. (c) An in 
situ SEM image before a twinning event in a micropillar compressed at -142 °C, (d) 
corresponding image after twinning event. 
 

By examining the deformation behavior of Sn within a single grain at both 
ambient conditions and below the DBTT of Sn, the deformation behavior can be 
examined as a function of temperature.   As the temperature is lowered, dislocation 
motion tends to become more limited due to the lack of thermal assistance for 
dislocations to overcome the Peierls barrier. In BCC systems the DBTT is observed at 
temperatures similar to those at which plastic deformation by twinning becomes more 
important then dislocation slip27.  Deformation twins provide high stress concentrations 
that have been recognized as potentially important for crack nucleation25.  Similar to 
BCC systems, the BCT structure of pure Sn exhibits deformation twining below the 
DBTT.  As deformation twining was observed in both the (100) orientation and (45̄1) 
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orientation, this suggests that this mechanism is a direct result of temperature and not 
orientation. 

 
3.3 Cryogenic Micromechanical Testing of Sn96 

 
Similar to the pure Sn case, the mechanical response of the Sn96 micropillars was 
significantly different above and below the DBTT which is at - 45°C.  All of the cryo-
compressed micropillars were tested at the same temperature as the pure Sn case, at - 
142°C, which is well below the transition temperature.  Since more pillars were tested for 
the Sn96 case, the mechanical data is organized by test temperature.  Figure 3.10 and 
3.11 summarize the mechanical testing data for the micropillars compressed at room 
temperature.  Similar to the pure Sn case, micropillars tested at room temperature 
exhibited slip, as evident in both the stress strain behavior and slip traces that could be 
seen on the SEM micrographs of the micropillar surface.  In comparison to the pure Sn 
case, the room temperature Sn96 pillars did exhibit slightly higher strength, however this 
can be attributed to several features of the micropillars.  Unlike the pure Sn case, the 
Sn96 pillars often contained more then one grain (due to the reduced grain size in 
comparison to the pure Sn case) and also contained the brittle intermetallic, Ag3Sn.  
Where as the pure Sn micropillars were all constructed within one single grain.   
 
 
 
 

 
Figure 3.10 Summary of the stress-strain behavior of the Sn96 micropillars 1-5 
compressed at room temperature.  
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Figure 3.11 Summary of the stress-strain behavior of the Sn96 micropillars 6-10 
compressed at room temperature.  
 
The cryo-compressed micropillars exhibited a significant increase in strength and 
different deformation behavior as shown in Figures 3.12, 3.13 and 3.14.  Unlike the pure 
Sn case, where the cryo-compressed micropillars were primarily characterized by 
uncontrolled strain bursts, the Sn96 cryo-compressed micropillars did show some 
evidence of plastic deformation.  The s-shape behavior observed in Figure 3.12 in 
micropillars 2 and 4, can be attributed to slight misalignment between the top of the 
sample and the diamond tip.  As can be seen in Figure 3.12-3.14, the micropillars do 
show some evidence of limited slip.  This suggests that in the case of Sn96, the 
deformation mechanisms that are activated below the DBTT, differ from the pure Sn 
case.  Figure 3.15 compares the mechanical response between a typical cryo-compressed 
micropillar and a room temperature micropillar.  The pillars that are shown in Figure 3.15 
were also used for more detailed characterization analysis (T-EBSD and TEM) in 
addition to the EBSD that was done on all of the micro pillars.  Figure 3.15 clearly 
highlights the difference in the mechanical response between the Sn96 micropillars tested 
at room temperature and at -142 °C, which suggests a difference in deformation behavior 
and mechanisms in the two temperature regimes.  Compared to the room temperature 
case, the cryo-compressed pillars did not exhibit significant load drops like the room 
temperature case.  Cryo-compressed pillars did show some evidence of slip in the stress 
strain behavior, however the magnitude of the load drops is still much less then the room 
temperature case.  Additional characterization techniques such as EBSD, t-EBSD and 
TEM were also employed in order to identify and understand these different mechanisms 
and behavior. 
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Figure 3.12 Summary of the stress-strain behavior of the Sn96 micropillars 1-5 
compressed at -142 °C.  

 
 

Figure 3.13 Summary of the stress-strain behavior of the Sn96 micropillars 6-10 
compressed at -142 °C.  
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Figure 3.14 Summary of the stress-strain behavior of the Sn96 micropillars 11-15 
compressed at -142 °C.  

 

 
Figure 3.15 Comparison of a typical cryo-compressed Sn96 micropillar (pillar 2) and a 
typical room temperature compressed Sn96 micropillar (pillar 6).  

 
3.4 Characterization of Sn96 micropillars 
 
EBSD was used to characterize both the room temperature and cryo-compressed 
micropillars.  Both types of pillars were scanned twice, once prior to compression and 
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directly following compression testing.  In order to obtain an EBSD scan of the pillar 
face, the scan was performed in cross section at an angle of 70°, which is why the pillars 
do not appear perfectly square in the images.  However, since the objective of these scans 
was to check for orientation changes as a result of deformation at room temperature or -
142 °C, this feature was deemed acceptable for characterization.  For reference, Figure 
3.16 shows the IPF legend for both pure Sn and Ag3Sn, which apply to all of the figures 
that follow in this chapter. 
 
EBSD scans of the room temperature pillars are shown in Figures 3.17 through 3.26.  
Each scan shows a phase map, where red represents the Sn phase and blue represents the 
Ag3Sn phase.  In addition to the phase map, an IPF Z map of the pillar prior to 
compression and post compression is also shown in each figure. In some cases pillars 
required a cleaning step after compression in order to obtain the best EBSD scan 
possible.  This was the case for pillar 10 as shown in Figure 3.26 and is why the second 
phase particle appears slightly larger in the post compression EBSD scan.  Similar to the 
pure Sn micropillars, there was no observed twinning amongst the micropillars tested at 
room temperature.   Micropillars that contained a significant amount of the Ag3Sn 
intermetallic, for example, pillar 8 as shown in Figure 3.24, exhibited higher strength 
then micro pillars with little to no observed intermetallic.  In addition, pillar 8 showed 
reduced slip behavior as shown in Figure 3.11, where less load drops were observed in 
the stress strain behavior.  This suggests that the Ag3Sn intermetallic may increase the 
strength of the solder while simultaneously reducing slip behavior. 
 
 

 
Figure 3.16 EBSD IPF legends for (a) Sn and (b) Ag3Sn. 
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Figure 3.17 EBSD maps of room temperature pillar 1 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 

 
Figure 3.18 EBSD maps of room temperature pillar 2 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 



	   34	  

 
Figure 3.19 EBSD maps of room temperature pillar 3 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 
 

 
Figure 3.20 EBSD maps of room temperature pillar 4 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 
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Figure 3.21 EBSD maps of room temperature pillar 5 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 

 
Figure 3.22 EBSD maps of room temperature pillar 6 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 
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Figure 3.23 EBSD maps of room temperature pillar 7 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 

 

 
Figure 3.24 EBSD maps of room temperature pillar 8 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 
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Figure 3.25 EBSD maps of room temperature pillar 9 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 

 
 

Figure 3.26 EBSD maps of room temperature pillar 10 (a) phase map (b) IPF Z map of 
the pillar prior to compression (c) IPF Z map of the pillar after compression. 

 
 
 



	   38	  

EBSD scans of the cryo-compressed pillars are shown in Figures 3.27 through 3.41.  
Unlike the pure Sn micropillars, twinning was only observed in two pillars, pillar 9 and 
11 (Figure 3.35 and Figure 3.37).  The remaining pillars showed no significant change in 
the EBSD scan prior to and post cryo-compression. As can be seen in Figure 3.35, pillar 
9 exhibited two twin boundaries.  The twin boundary at the top of the pillar was found to 
be a {301} twin with a 62° rotation about the [100] direction and the boundary at the 
bottom of the pillar was found to be a {101} twin with a 57° rotation about the [100].  
Prior to compression, the EBSD scan of pillar 9 shown in Figure 3.35, does not show any 
evidence of the second phase Ag3Sn intermetallic or a grain boundary.  We can not 
discern if there is a boundary or second phase particle within the volume of the pillar and 
therefore is not visible with EBSD. This would suggest that in the absence of a second 
phase or grain boundary the pillar would behave similar to the pure Sn case with respect 
to deformation mechanisms below the DBTT.  
 
Pillar 11 on the other hand (Figure 3.37), exhibited two {301} twin boundaries at the top 
of the pillar, both with a 62° rotation about the [100] direction.  Figure 3.37 (b) does not 
show the presence of the second phase intermetallic prior to compression.  However in 
Figure 3.37 (c) the twin boundaries are observed towards the top of the pillar where stress 
concentration is the highest.  Comparing the stress strain behavior of the cryo-
compressed Sn96 pillars with pure Sn we see a significant difference in the mechanical 
response.  The pure Sn pillars deformed suddenly and catastrophically and lost contact 
with the tip after reaching maximum strength.  The Sn96 pillars did show an increase in 
strength as compared to the room temperature case, however once maximum strength 
was reached the pillar did not deform catastrophically and the tip was able to maintain 
contact with the pillar throughout the entire test.  This suggests that the deformation 
mechanism of the Sn96 alloy below the DBTT is not exclusively through twinning.  
While in discrete cases twinning was observed, the majority of the pillars did not show 
any evidence of twinning in the EBSD scans.  This suggests that the presence of a second 
phase or grain boundary can possibly act as nucleation sites for dislocations which 
otherwise are not possible in the single crystal pure Sn case.  In order to examine this 
behavior in more detail, two pillars were selected for T-EBSD and TEM analysis, one 
room temperature pillar (pillar 6) and one cryo-compressed pillar (pillar 2).  The results 
from this characterization analysis are discussed in the following section. 
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Figure 3.27 EBSD maps of cryo-compressed pillar 1 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 
 

 
Figure 3.28 EBSD maps of cryo-compressed pillar 2 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 
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Figure 3.29 EBSD maps of cryo-compressed pillar 3 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 
 

 
Figure 3.30 EBSD maps of cryo-compressed pillar 4 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 
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Figure 3.31 EBSD maps of cryo-compressed pillar 5 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 

 
Figure 3.32 EBSD maps of cryo-compressed pillar 6 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 
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Figure 3.33 EBSD maps of cryo-compressed pillar 7 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 

 
Figure 3.34 EBSD maps of cryo-compressed pillar 8 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 
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Figure 3.35 EBSD maps of cryo-compressed pillar 9 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 

 
Figure 3.36 EBSD maps of cryo-compressed pillar 10 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 
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Figure 3.37 EBSD maps of cryo-compressed pillar 11 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 

 
Figure 3.38 EBSD maps of cryo-compressed pillar 12 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 
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Figure 3.39 EBSD maps of cryo-compressed pillar 13 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 

 
Figure 3.40 EBSD maps of cryo-compressed pillar 14 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 
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Figure 3.41 EBSD maps of cryo-compressed pillar 15 (a) phase map (b) IPF Z map of the 
pillar prior to compression (c) IPF Z map of the pillar after compression. 

 
3.4.1 T-EBSD and TEM of Sn96 micropillars 
 
The two pillars that were examined with T-EBSD and TEM were room temperature pillar 
6 and cryo-compressed pillar 2.  The mechanical response for both of these pillars is 
summarized in Figure 3.15 and discussed in the previous section.  Figure 3.42 shows the 
T-EBSD scans for room temperature pillar 6, which as expected does not show any 
evidence of twinning.  However in comparing Figure 3.22, which shows the EBSD scans 
for pillar 6 prior and post compression with Figure 3.42, which shows the T-EBSD of the 
same pillar, we do see a significant difference between the two.  In particular, comparing 
Figure 3.22 (c) and Figure 3.42 (b), which were both taken after the pillar was 
compressed below the DBTT.  The only difference between the two is that Figure 3.22 
(c) was taken on the bulk pillar surface where as Figure 3.42 (b) was prepared from a 
TEM foil that was taken from towards the center of the pillar.  While the primary 
orientation of the Sn grains in the pillar remained the same, the location of the Ag3Sn 
intermetallic is different between the two.  This clearly suggests that there was more the 
one intermetallic particle present in the pillar, the first was visible along the top of the 
pillar surface in Figure 3.22 (c) and the second, shown in Figure 3.42 (b) was located 
within the bulk of the pillar and therefore not visible for the surface scans.  It is also 
possible that the particle shown Figure 3.22 (c) is the same particle shown in Figure 3.42 
(b), with the shape changing through the thickness of the pillar. While Figure 3.42 (b) is 
still consistent with the surface scans, in that no twinning is visible for the room 
temperature case, it does also reveal that the traditional EBSD scan along the surface only 
shows one dimension of the alloy’s matrix.   
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TEM analysis of the room temperature pillar revealed similar behavior to the pure Sn 
case, where deformation was primarily accommodated through slip and dislocation 
plasticity.  Figure 3.43 shows a TEM micrograph from room temperature pillar 6 where 
dislocations appear to emanate from the Ag3Sn second phase.  This suggests that the 
second phase particle acts as a source for dislocations in the Sn matrix at room 
temperature.  
 

 

 
Figure 3.42: T-EBSD of Room temp pillar 6 (a) phase map and (b) IPF Z. 
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Figure 3.43: TEM micrograph of room temp pillar 6, arrows indicate dislocations that are 
emanating from the Ag3Sn intermetallic. 
 
Similar to the room temperature T-EBSD pillar shown in Figure 3.42, the T-EBSD of the 
cryo-compressed pillar 2 (Figure 3.44) appeared slightly different from the bulk EBSD 
scan of the same pillar shown in Figure 3.28.  While the Sn orientation within the pillar 
remained the same, the location of the second phase particle changed between the two 
scans.  In the traditional EBSD scan two small Ag3Sn intermetallic particles are visible 
near the center of the pillar whereas in the T-EBSD scan those same particles are no 
longer visible and a third particle is visible in the upper right corner of the pillar.  This 
suggests that the particles observed in the traditional EBSD scan were shallow and on the 
surface of the pillar whereas the particle observed in the T-EBSD was located deeper in 
the thickness of the pillar.  However in both the traditional EBSD scan and the T-EBSD 
scan, there was no evidence of twinning in pillar 2. 
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Figure 3.44: T-EBSD of cryo-compressed pillar 2 (a) phase map and (b) IPF Z. 

 
In order to better characterize the deformation mechanisms below the DBTT, TEM 
analysis was also done on cryo-compressed pillar 2.  Figure 3.45 shows a TEM image 
from pillar 2 where dislocations are seen to be emanating from the grain boundary within 
the pillar.  Similar to the room temperature pillar, dislocations were also seen emanating 
from the second phase particle.  However in comparison to the room temperature case the 
dislocation density in the cryo-compressed pillar appeared to be significantly less then the 
room temperature case.  This suggests that in the case of Sn96, below the DBTT, grain 
boundaries and second phase particles can act as sources for dislocation movement and 
generation.  Whereas in the pure Sn case, in the absence of grain boundaries, deformation 
is limited exclusively to deformation twinning.  This is not to say that deformation 
twinning is not possible in the Sn96 alloy, as twinning was observed in two of the fifteen 
pillars, however in both of these cases these two pillars had either limited sources for 
dislocations or the stress concentration reached a critical value (at the top of the pillar) to 
favor twinning over dislocation plasticity. 
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Figure 3.45: TEM micrograph of cryo-compressed pillar 2. 
 

3.5 Cryogenic Micromechanical Testing of Sn96 Clamped 
Beam Geometry  
 

The primary objective of the clamped beam geometry, was to characterize the 
deformation mechanisms of the Sn96 ahead of a preexisting flaw or in this case a crack.  
By performing the test in load control mode rather then displacement control, we are able 
to thus observe the load required to propagate the crack.  Figure 3.46 summarizes the 
mechanical response of sample 1, which did not contain any intermetallic particles ahead 
of the crack tip.  Sample 1 was loaded twice as during the first load controlled test there 
was no significant opening of the crack tip, deformation was primary accommodated 
along the outer edges of the beam.  Where as after the second load test (Figure 3.46 b) 
there was considerable opening of the crack tip.  Figure 3.47 shows the position of the 
diamond wedge tip with respect to the sample and Figure 3.48 shows the resulting 
deformation in sample 1. 

 
Figure 3.46 Load/displacement for sample 1 (a) first load (b) second load. 
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Figure 3.47 Sample 1 upon crack tip opening during the second load test. 
 

 
Figure 3.48 SEM micrograph showing the resulting deformation in Sample 1 after the 
second test. 
 
The mechanical response of sample 2 is shown in Figure 3.49.   Sample 2 contained an 
intermetallic particle ahead of the crack tip.  The intermetallic particle was both larger 
then the diamond wedge tip and in direct contact with the tip upon loading.  Figure 3.50 
shows the resulting deformation of sample 2.  In addition to the crack tip opening upon 
loading, slip traces can also be seen within the intermetallic particle (Figure 3.50 b) and 
will be shown in more detail in the following section.   
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Figure 3.49: Sample 2 load/displacement curve. 

 

 
Figure 3.50 SEM micrograph of sample 2 showing the resulting deformation of the entire 
beam (a) and near the crack tip (b). 
 
The mechanical response of sample 3 is shown in Figure 3.51.  Sample 3 is similar to 
sample 2 with the exception that the intermetallic particle in sample 3 is smaller then the 
particle in sample 2.  Figure 3.52 shows the resulting deformation of sample 3, which 
shows the crack running directly into the intermetallic particle and then continuing along 
the intermetallic boundary.  Compared to the load/displacement curve of sample 2, 
sample 3 appears to only accommodate deformation through the opening of the crack tip, 
as the load significantly drops once the crack tip opens.  
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Figure 3.51: Sample 3 load/displacement curve. 

 
 

 
Figure 3.52 SEM micrograph of sample 3 showing the resulting deformation of the entire 
beam (a) and near the crack tip (b). 
 
The mechanical response of sample 4 is shown in Figure 3.52.  Unlike the previous 
samples where the crack was initiated within the Sn matrix, in this case the crack tip is 
initiated within the intermetallic phase.  Directly above the intermetallic particle where 
the crack was initiated, was another intermetallic particle as shown in Figure 3.54.  Upon 
deformation and crack tip opening, the crack progressed along the boundary between the 
two intermetallic particles rather then through the particle.  This suggests that in the 
presence of the intermetallic phase, intergranular fracture is preferred and can contribute 
to the brittle behavior observed in Sn96 below the DBTT. 
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Figure 3.53 Sample 4 load/displacement curve. 

 

 
Figure 3.54 SEM micrograph of sample 4 showing the resulting deformation of the entire 
beam (a) and near the crack tip (b). 
 
3.6 Characterization of micro compressed Sn96 microbeams 
 
Similar to the micropillars discussed in the previous section, all of the microbeams were 
examine with EBSD prior to and directly after mechanical testing.  Figure 3.55 shows the 
EBSD scans for sample 1 where part (a) shows the phase map where red represents the 
Sn matrix and blue represents the Ag3Sn intermetallic, part (b) shows the IPF Y map 
prior to testing and part (c) shows the IPF Y map directly after testing.  Prior to bending, 
sample 1 did not show any evidence of twinning, however as can be seen in Figure 3.55 
(c), after bending below the DBTT, twins are present both ahead of the crack tip and at 
the edges of the beam.  Twin boundaries are highlighted in white in the EBSD map.  This 
is in agreement with twins forming in regions of highest stress concentration within the 
beam.  Figure 3.56 shows the twin boundaries ahead of the crack tip in more detail.  
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Similar to the twins observed in the pure Sn micropillars, twinning behavior is consistent 
with the formation of the {301} and {101} twin in Sn.   
 
In addition to traditional EBSD, T-EBSD and TEM analysis was also performed on 
sample 1.  Figure 3.57 shows the T-EBSD results for sample 1.  Since the T-EBSD foil is 
prepared from the center of the beam and not the surface, different twin boundaries were 
observed in the T-EBSD scan from the EBSD scan that was performed on the surface.  
However, in both scans twins were observed ahead of the crack tip and were consistent 
with twinning behavior in Sn.   
 
TEM analysis on sample 1 revealed similar twinning behavior to the pure Sn case as 
shown in Figure 3.58 where deformation is primarily accommodated through 
deformation twinning with dislocations primarily located at the twin boundaries.  
Dislocations were observed however toward the top of the beam and were visible in both 
Figure 3.57 (boxed region) and in the TEM micrograph in Figure 3.59.  The dislocation 
arrays in Figure 3.59 also appear to be emanating from a grain boundary near the top of 
the beam where the wedge made contact.  Figure 3.60 shows a typical twin boundary in 
sample 1 which is similar to the twin boundaries observed in the pure Sn sample, where 
dislocations are primarily observed in the twin boundary but not within the Sn grains. 

 
 

 
Figure 3.55 Clamped beam geometry sample 1 (a) phase map, (b) IPF Y map 
prior to bending, (c) IPF Y post bending. 
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Figure 3.56 IPF Y map of the crack tip in Sample 1 after bending. 

 

Figure 3.57 T-EBSD of Sample 1 IPF Y map. 
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Figure 3.58 TEM micrograph of the crack in Sample 1, platinum was deposited around 
the edge of the crack to protect it from FIB damage. 

 

Figure 3.59 Dislocation array observed in sample 1 and within the boxed region in Figure 
3.57. 
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Figure 3.60 Typical twin boundary in sample 1 (a) and the corresponding diffraction 
pattern (b). 

The EBSD scans for sample 2 are shown in Figure 3.61.  As can be seen in Figure 3.61 
(c) twins also formed ahead of the crack tip and along the edges of the beam at the points 
of highest stress concentration.  Figure 3.62 shows the deformation ahead of the crack tip 
in more detail where both {101} and {301} twins are observed.  This suggests that the 
primary deformation mechanism ahead of the crack tip is deformation twinning and the 
required stress for the nucleation of dislocations at the crack tip is larger than the stress 
required to nucleate twins.  Deformation is also accommodated within the intermetallic 
phase itself.  Figure 3.62 also shows slip traces within the intermetallic phase that were 
not present prior to bending.  While dislocations are not favorable in the BCT Sn matrix, 
it appears that they are still able to form and accommodate slip within the orthorhombic 
intermetallic phase. 
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Figure 3.61 Clamped beam geometry sample 2 (a) phase map, (b) IPF X map 
prior to bending, (c) IPF X post bending. 

 

Figure 3.62 IPF X map of the crack tip in sample 2 after bending. 
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The EBSD scans for sample 3 are shown in Figure 3.63.  Sample 3 is similar to sample 2 
in that the crack tip is initiated within the Sn matrix and ahead of the intermetallic phase.  
However unlike sample 2, sample 3 does not show any twinning ahead of the crack tip.  
Instead, deformation is accommodated through a small grain rotation as can be seen in 
Figure 3.64.   In this case the crack propagates initially along the second phase boundary 
and then stops at a slip step in the intermetallic phase.  Twinning is observed in sample 3 
along the beam edges, both being {301} twins. 

 

Figure 3.63 Clamped beam geometry sample 2 (a) phase map, (b) IPF Y map prior to 
bending, (c) IPF Y post bending. 
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Figure 3.64 IPF Y map of the crack tip in sample 3 after bending. 

The EBSD scans of sample 4 are shown in Figure 3.65.  Figure 3.65 (a) clearly shows 
where the crack was initiated within the intermetallic phase which is ahead of a second 
intermetallic particle of a different orientation (Figure 3.65 b).  Upon bending, the crack 
continued until reaching the second intermetallic particle boundary where the crack 
continued to progress along the boundary between the two particles (Figure 3.66).  This 
suggests that intergranular fracture, in particular between second phase particles, 
contributes to the brittle behavior of the Sn96 alloy below the DBTT. Twins were also 
observed in the neighboring Sn matrix grains that were directly next to the intermetallic 
particles as well as at the edges of the beam, which was observed in all four samples.  
The occurrence of twins in the surrounding Sn matrix also suggests that the limited 
dislocation plasticity and deformation primarily through twinning is also a contributing 
factor to the brittle nature of the alloy. 
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Figure 3.65 Clamped beam geometry sample 4 (a) phase map, (b) IPF Y map prior to 
bending, (c) IPF Y post bending. 

 

Figure 3.66 IPF Y map of the crack tip in sample 4 after bending. 
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     Chapter 4 
     

 Part II: Ion Irradiated Materials 
 

      Introduction 
 
 

4.1 Background 
 

Radiation damage in materials is a significant concern in advanced and conventional 
nuclear reactors, spallation sources, isotope production facilities and fusion technology 
applications.  Embrittlement and environment interaction are key issues during lifetime 
extension or performance predictions for reactors28,29,30,31.  Of particular interest is the 
effect of irradiation in stainless steels such as 304 and 316L due to their widespread use 
as structural materials in light water reactors32. However, when subjected to irradiation, 
austenitic steels harden due to the formation of defect clusters that act as obstacles to 
dislocation motion under an applied stress33.  Depending on the material, irradiation 
temperature, and stacking fault energy of the system, these defect clusters can manifest 
themselves as stacking fault tetrahedra (SFT) and dislocation loops34-35.  Furthermore, 
irradiation induced hardening results in a decrease in ductility, which has been well 
characterized in metals36.  Therefore it is important to thoroughly characterize and 
understand both the defects that are introduced through irradiation and the corresponding 
change in mechanical properties.  
 
Of particular interest is the radiation damage of materials such as 304 and 316L stainless 
steel that are widely used as structural materials in light water reactors (LWR)32.  The 
main degradation behavior of Fe based alloys used for these applications is irradiation 
hardening and embrittlement as mentioned above37.  In order to fully understand and 
characterize these changes in mechanical properties it is necessary to obtain mechanical 
property data that emulate real reactor neutron irradiation environments.  While ideally 
experiments would be conducted in real reactor neutron irradiation environments with a 
variety of operating conditions, these experiments can both be time consuming and very 
costly.  Alternatively, ion beam irradiation is now used as a surrogate for radiation 
damage produced by neutrons38.  Ion beam irradiations can introduce relatively high dose 
rates (>100 dpa/day) and have the advantage of not activating the material if the energy 
used is below the ion-target interaction Coulomb barrier28.  It has been shown in previous 
work that the resulting defect structures from neutron irradiation and ion beam irradiation 
are comparable39.  However, one of the major limitations of ion beam irradiation is the 
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limited beam penetration depth, due to the low energy of the protons used during 
irradiation40.  Therefore it is necessary to utilize small scale mechanical testing 
techniques that are capable of probing small volumes, for characterizing materials that 
are subjected to ion beam irradiation41.   
 
4.2 Mechanical Testing of Ion Irradiated Stainless Steel 

 
Recently mechanical testing on the micron scale has received significant attention as a 
solution to this issue. Techniques including nanoindentation, as well as micro- and nano-
scale cantilever, compression, and tensile testing have all been investigated 42,43,44,45. 
Nanoindentation has proven particularly useful due to its ability to evaluate local changes 
in hardness while requiring relatively little sample preparation. However macroscopic 
property values such as yield strength and work hardening rate are difficult to extrapolate 
from nanoindentation measurements of ion-irradiated materials due to the effects of the 
inhomogeneous dose profile, indentation size effects, and surface effects42.  Furthermore 
the irradiation hardening measured in nanoindentation of proton-irradiated austenitic 
stainless steels is seen to saturate above 10dpa, as evaluated in previous studies46.  This 
limits the information obtainable from nanoindentation measurements. 
 
Since reactor components become radioactive in service, especially stainless steels due to 
the high nickel content, ion beam irradiations are considered as a surrogate for reactor 
irradiations39. In addition ion beam damage has a significant higher damage rate than 
neutron irradiation and therefore high doses can be achieved in a matter of days rather 
than years. However, medium energy (2 MeV) light ions (H) have a limited penetration 
depth. Higher ion beam energies are possible but reduce the displacement per atom (dpa) 
rate while resulting in greater sample activation.  One of the benefits of using a low 
energy proton beam is that it can be used to investigate radiation damage without highly 
activating the specimen.  However one of the limitations to using a lower energy source 
is the limited penetration depth, therefore necessitating the use of nanoscale post 
irradiation characterization methods such as nanoindentation40-41 and synchrotron 
radiation based X-ray Laue microdiffraction (µXRD)47.  In this work, these methods are 
applied to investigate the change in mechanical properties as a result of ion beam 
irradiation and mapping of the microstructure induced by the ion beam irradiation. 
 
In the first part of this study 304 stainless steel (304SS) was studied in two different dose 
conditions, 1 dpa, 10 dpa while the 10 dpa sample was also annealed to determine 
whether the radiation damage can be annealed out.  This study reports the 
nanoindentation experiments of both configurations as well as the corresponding µXRD 
of the irradiated region.  The purpose of this study is to characterize the hardening 
induced by ion irradiation and correlate that with the defect density estimated by µXRD. 
 
Microcompression testing, eliminates many limitations of nanoindentation, as detailed in 
prior work45.  One of the major advantages of using microcompression testing is the 
nominally uniaxial stress state across the whole sample in comparison to the strain 
gradient effects that are associated with nanoindentation experiments48.  Furthermore it is 
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also relatively straightforward to derive the stress stain curve from the measured 
load/displacement data, providing insight to both the yield strength and ultimate tensile 
strength28.  Finally, if performed in situ in a scanning electron microscope (SEM), 
microcompression testing also allows for direct observations of localized deformation 
behavior of the material. 
 
In the microcrompression section of this study 304 stainless steel (SS) was considered in 
the 10dpa dose configuration. This paper reports the micro compression experiments with 
the purpose of characterizing the mechanical response as well as the corresponding 
deformation behavior that is induced by ion beam irradiation.   
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Chapter 5 

  Experimental 

 
5.1 Irradiation Condition  

 
The irradiation experiment was conducted using 2 MeV protons in a Tandetron 
accelerator at the Michigan Ion Beam Laboratory (MIBL). Two specimens of 304SS 
were irradiated to 1 and 10 dpa, respectively, at 360 °C with a dose rate of ~8 × 10-6 dpa/s 
based on the SRIM calculation49 (Full cascade option used with a displacement energy of 
40 eV for Fe, Cr and Ni). The equivalent doses would be 0.5 and 5 dpa, respectively, if 
the K-P option is used in SRIM.  The sample temperature was monitored using a two-
dimensional (2D) thermal imager and the variation was kept within ±10 °C during the 
course of irradiation. A detailed description of the proton irradiation procedure was 
published elsewhere50. The annealed specimen was subjected to 500 °C for 1 hour in a 
vacuum furnace.  Figure 5.1 summarizes the dose profile calculated using SRIM where 
the x axis represents the penetration depth of the ion beam in cross section.   
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Figure 5.1 Calculated SRIM dose profile showing the damage rate. 

5.2 Sample preparation for nanoindentation 

Both the 1 dpa and 10 dpa samples were polished in cross section with respect to the 
irradiated surface.  During polishing each sample was mounted directly next to a thin 
piece of steel to prevent deformation and rounding near the edge of the specimen.  The 
samples were planarized using SiC grinding paper with water as a lubricant and were 
then polished with 0.3 µm, 0.1 µm alumina polishing solutions, and 0.05 µm colloidal 
silica polishing solution.   

5.3 Nanoindentation Measurements 

Nanoindentation measurements were performed at the Nuclear Materials Laboratory at 
the University of California, Berkeley on the Micro Materials NanoTestTM.  The 
nanoindenter was calibrated against fused silica before each indentation run to allow for 
cross comparison between samples and indenters51.  Indents were 200 nm deep and a 
minimum of 4 µm apart from each other to ensure no interaction of the plastic zone 
around the indents.  An array of 10 × 8 indents was set near the irradiated edge and an 
array of 8 × 8 indents was set on the opposite side where no beam had hit the surface.  
Comparing the irradiated with the unirradiated edge of the sample ensures that there were 
no edge effects, and observed differences can be attributed to ion beam irradiation.  The 
indent field in the irradiated region were tilted towards the edge intentionally to increase 
the depth resolution and potentially resolve the stopping peak, which is shown in Figure 
5.2 52.  The indents were all performed in depth-control mode with a loading and 
unloading rate of 2 mN/s and a dwell time of 5 seconds.  The hardness was obtained by 
the Oliver-Pharr method53.  In support of the nanoindentation measurements, an 
indentation size effect study was performed on the surface of a 10 dpa specimen in both 
the control and irradiated region.  Indents were measured at various depths.  A set of 
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three indents was performed at each unique depth.  The size effect study was performed 
on a Hysitron Triboindenter using a Berkovich tip. 
	  

 
Figure 5.2 SEM micrograph of the nano indents in the ion irradiated region on the 10dpa 
sample. 
	  
Each indentation field was examined using scanning electron microscopy to verify the 
location of each indent with respect to the sample edge. The data reported (hardness vs. 
depth from the irradiated surface) reflects the SEM measurements. 
 
5.4 µXRD Measurments 
 
Synchrotron radiation based Laue microdiffraction experiments were conducted at 
Beamline 12.3.2 of the Advanced Light Source (ALS) at Lawrence Berkeley National 
Laboratory 54.  A polychromatic X-ray beam (5 – 24 keV) was focused to ~ 1 × 1 µm2 by 
a pair of Kirkpatrick-Baez (KB) mirrors.  A schematic of the Laue diffraction setup can 
be found in the study presented by M. Kunz et al.55 The samples were mounted on a high 
resolution x-y scan stage with its polished cross-section facing up, and then tilted 45° 
relative to the incident X-ray beam.  For each sample, a fast fluorescence scan was 
conducted to position the sample edge so as to ensure that all Laue diffraction scans 
covered the region from the sample edge to about 100 -150 µm towards the sample 
matrix.  In this study the diffraction scanning step size was 2 µm and the exposure time at 
each position was 1 s.  Diffraction patterns were recorded in reflection mode with a 2D 
Pilatus detector mounted at 90° to the incoming X-ray, approximately 140 mm from the 
probe spot.  The detector has 1043 × 981 pixels and each pixel is about 170 µm2 in size.  
Calibrations for sample-to-detector distance, center channel position and tilt of detector 
were performed by indexing a Laue diffraction pattern from a low-strain sharp diffraction 
pattern within the sample far from the edge using an in-house developed analysis 
software package XMAS 56.  Reflection peak shapes were fitted with a 2D Gaussian 
function so that the peak position and width were determined with a precision of about 
0.1 pixels, providing an angular resolution of ~ 0.01°.   
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5.5 Sample preparation prior to pillar fabrication 

Both the 10 dpa and the 10dpa annealed samples were polished in cross section with 
respect to the irradiated surface.  During polishing each sample was mounted directly 
next to a thin piece of steel in order to prevent deformation and rounding near the edge of 
the specimen.  The samples were planarized using SiC grinding paper with water as a 
lubricant and were then polished with 0.3 µm, 0.1 µm alumina polishing solutions, and 
0.05 µm colloidal silica polishing solution.   
 
5.6 Micropillar Fabrication 

 
Using electron backscatter diffraction (EBSD), grain maps were produced near the cross 
sectional sample edges in order to identify sub-grain testing regions of known 
crystallographic orientation. The EBSD scan step size was chosen to be <1µm based on 
obtaining sufficient resolution to locate 30 to 100 µm-long grains for placement of sets of 
three to ten micropillars. Arrays of 2-µm x 2-µm pillars with aspect ratio of 2.5:1 were 
then manufactured within these grains using focused ion beam (FIB) milling techniques 
according to the procedure outlined in57. Trenching behind the pillars and other rough 
cuts were conducted with a 30 kV Ga-ion beam at 1-7 nA, and final cleaning of the 
pillars was conducted at 0.1 nA to ensure smooth, level surfaces for the pillars. However, 
even low-current milling at a low grazing angle is insufficient to avoid superficial 
damage from implanted gallium in the surface of the pillars and may induce a martensitic 
transformation in 304 SS58. Based on SRIM calculations, the penetration depth of the 30 
kV gallium ions in 304 SS for milling at a glancing angle is <10nm, corresponding to 
FIB-affected region of <2% of the pillar volume. Therefore it is unlikely that this surface 
transformation would greatly affect the bulk microstructure or mechanical behavior of the 
pillar volume. However, any slight effects due to FIB induced deformation would appear 
in both the non-irradiated and irradiated specimens due to the consistent methods used in 
producing all pillars.  

Prior to testing, all pillar dimensions were measured using a scanning electron 
microscope (SEM).  Compression of each pillar was then conducted in situ in an SEM 
using a Hysitron PI-85 Picoindenter. The pillars were compressed in displacement 
controlled mode at a strain rate of ~10-3 s-1. Engineering stress versus strain curves were 
calculated based on the initial pillar dimensions and the load-displacement data recorded 
by the indenter system.  

5.7 T-EBSD and TEM Characterization 

An irradiated micro pillar and un-irradiated micropillar were selected for further 
characterization.  Selected micropillars were lifted out of the bulk sample using an FEI 
Quanta Dual Beam FIB with Kleindiek nano manipulators.  Micropillars were mounted 
to a standard TEM copper half grid.  A platinum layer was deposited prior to any ion 
milling to protect the specimen’s microstructure.  Micropillars were thinned to electron 
transparency in the FIB with a final polish of 5keV and 44pA in order to minimize FIB 
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damage.  The technique of transmission EBSD (t-EBSD)22 was utilized to characterize 
the microstructure of the micropillars. The primary advantage of this technique is the 
improved spatial resolution in comparison to traditional EBSD, which can be below 
10nm23. T-EBSD was used to characterize the microstructure of both irradiated and un-
irradiated micropillars, using the conditions outlined by Kacher, et al.24 Analysis was 
performed using Oxford/HKL data collection software at an accelerating voltage of 30 
kV.  The samples were analyzed at a working distance of 5mm using a custom-built stage 
that positioned the TEM grid normal to the electron beam.  A step size of 50nm was used 
for each sample.  The collected data were used to construct inverse pole figure (IPF) 
maps.  A low level of data interpolation was used with a criterion of 7 neighbors for 
extrapolation.  Wild spikes and zero solutions were also removed.  All maps were 
compared with band contrast maps to verify that the noise reduction did not lead to any 
spurious results. 
 

Both of the micropillars that were examined with t-EBSD were also characterized using 
Transmission Electron Microscopy (TEM) in order to verify the t-EBSD results and to 
analyze the underlying defect structure.  Characterization of the lift-out samples was 
performed in a JEOL 3010 LaB6 TEM operated at 300 kV at the National Center for 
Electron Microscopy. 
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   Chapter 6 

Results & Discussion 

 
6.1 Mechanical Properties of ion irradiated 304 Stainless 

Steel 

Two primary mechanical testing methods were utilized to assess the mechanical 
properties of ion irradiated stainless steel.  Ex-situ nanoindentation was utilized to 
measure the hardness, which was correlated with SRIM modeling and therefore verified 
the ion beam penetration depth.  In-situ micromechanical pillar testing (similar to testing 
parameters discussed in Chapter 2) was then used to characterize the yield strength and 
deformation behavior of the ion irradiated stainless steel. 

6.2 Nanoindentation Results  

Figure 6.1 shows the hardness profile as a function of irradiation depth in cross section 
indention as described above. Starting from the original sample surface the hardness 
change as a function of distance from the edge is shown. Both sides (irradiated and not 
irradiated) are displayed for comparison reasons in one graph. The 1 dpa sample hardness 
profile is closely related to the calculated dpa profile (Figure 5.1) with higher hardness at 
the end of the stopping region and less hardness at the near surface areas as it is displayed 
in Figure 6.1.  It was found that the hardness of the bulk was approximately (3.23 ± .36) 
GPa whereas in the irradiated region of the 10 dpa sample the hardness saturated at 
approximately (5.58 ± .22) GPa as shown in Figure 6.2.  Maximum hardness in the 10 
dpa sample was achieved at 19.7 µm from the irradiated surface with a corresponding 
hardness of 6.05 GPa, whereas in the 1 dpa irradiated region the maximum hardness was 
reached at 20.8 µm from the irradiated surface (at the stopping peak) with a 
corresponding hardness of 6.13 GPa. 

 
However, as can be seen in Figure 6.2, the irradiated region in the 10 dpa sample 
exhibited a marked increase in hardness.  Hardness in the irradiated region doubled with 
respect to the control region (from 3.2 to 5.5 GPa).   Interestingly, no dose related profile 
(increase of hardness with indentation depth) was observed, suggesting that the maximum 
possible hardness increase was reached at 10 dpa in the flat part of the region and no 
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additional hardening due to higher damage in the stopping peak was observed. 
Essentially it appeared that the amount of possible hardening is saturated at this dose.   
 

	  
Figure 6.1 Nanoindentation profile for the 1 dpa irradiated 304 stainless steel specimen. 
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Figure 6.2 Nanoindentation profile for the 10 dpa irradiated 304 stainless steel specimen. 
 
The transition region can be found at a depth of ~21 µm depth which is slightly deeper 
than the calculated depth by SRIM. One possible reason for this discrepancy can be 
found in the fact that the volume tested by the indenter is in fact larger than the position 
of the indent. A 200 nm deep indent is ~1 µm wide and samples are ~2-2.5 µm wide area 
in x and y making spacing between indents of at least 4 µm necessary.   
 
An indentation size effect study was also performed on both the irradiated region of the 
10 dpa sample as well as an unirradiated specimen, as can be seen in Figure 6.3. This 
study was only performed at the 10 dpa sample due to the fact that the 1dpa sample 
showed such a strong hardness gradient in cross section that de-convoluting the size 
effect from the dose profile and therefore hardening profile is challenging. The size effect 
is quantified using the Nix and Gao plot in the insert in Figure 6.3 and discussed further 
later in this chapter. We also want to emphasize that the size effect and actual cross 
section hardness testing was performed on two different systems (Hysitron and 
Micromaterials) as well as with different indenters. The area functions produced by the 
two systems agree rather well.  
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Figure 6.3 Plot summary of the size effect study performed both in the irradiated and 
control regions of the 10 dpa ion irradiated sample.  
 
In addition to the irradiated 10 dpa sample, an annealed 10 dpa sample was also 
evaluated.  Figure 6.4 summarizes the nanoindentation results for the annealed sample. 
Compared to Figure 6.2, the irradiated region showed a small decrease in the measured 
hardness; however, as seen in Figure 6.4, the annealing did not completely remove much 
of the damage that was induced by the ion irradiation. 
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Figure 6.4 Nanoindentation profile for the 10 dpa irradiated stainless steel that was 
annealed for 1 h at 500 oC. 

6.3 Laue Diffraction Results 
By indexing the µXRD patterns assuming face-centered cubic iron phase, the crystal 
orientation at all scanning positions is obtained, and the out-of-plane orientation map of 
the 10 dpa irradiated sample near the irradiation edge is demonstrated in Figure 6.5a.  
Colors indicate lattice orientations at each scan spot as given by the color scale (inset). 
White spots in the figure suggest that there are no or only very low-intensity diffraction 
patterns recorded, either because the beam is out of the sample (the upper part of the 
figure) or as a result of defects/impurities (within the sample).  Twins are clearly visible 
in the orientation map and the twin plane is the {111} plane.  For over 80% of the 
scanned area the {100} or {110} plane normals are parallel to the out of plane normal.  
The grain size is much larger than 40 µm, so that it is probable that the array of 
nanoindentation (32 µm × 28 µm in area) was performed within a single crystal grain.   
 
Diffraction peak broadening is correlated to the defect density in a specimen59,60.  The 
peak width distribution in the scanned 10 dpa irradiated sample is plotted in Figure 6.5b.  
The peak width here is defined as the average FWHM, in the unit of degrees, of all 
recorded reflections in each Laue diffraction pattern.  A sharp boundary is observed in 
this map, indicating that the diffraction peaks taken from the region within approximately 
20 µm from the sample surface are significantly broadened compared to those beyond the 
proton range.  Typical Laue patterns from the matrix and surface of the specimen are 
demonstrated in Figure 6.5c and 6.5d, respectively.  Although these two patterns were 
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taken on a crystal in which the orientation stays nearly unchanged, the shape of the peaks 
from both patterns is clearly different.  The peaks in Figure 6.5c are only slightly wider 
than the ones taken on defect-free thin Si films, while in Figure 6.5d all the peaks are 
broadened. In order to reveal the mechanism that the peak broadening is rooted from, 
quantitative peak shape analysis is performed on one of the typical broadened peaks, the 
peak 115 in Figure 6.5d. First of all, the peak is re-plotted in the Bragg-azimuthal angle 
(2q-c) space, as shown in Figure 6.5e. Then the intensity of the diffraction peak is 
scrutinized in both 2q and c directions along the dashed lines drawn in Figure 6.5e, and 
fitted with Gaussian function, respectively (displayed in Figure 6.5f). It is found that 
although appearing elongated anisotropically on the detector image in Figure 6.5d, the 
diffraction peak shape becomes more isotropic in the angular 2q-c space.  The FWHM in 
the 2q and c directions is 0.63° and 0.59°, respectively. The isotropic broadening 
indicates statistically stored dislocations (SSD), with equal number of positive and 
negative Burger’s vectors rather than an ordered array of unpaired geometrically 
necessary dislocations (GNDs), which leads to linearly streaked reflections61,62,63. 
 

	  
Figure 6.5: Orientation map of the material investigated (10dpa) a), and dislocation 
density map based on FWHM evaluation b). The scale bar provided applies to both 
images. The increase in FWHM of the irradiated area is clearly visible. Peaks observed in 
the unirradiated area c). Peaks observed in the irradiated area d). Peak broadening can be 
clearly observed. Peak 115 is re-plotted in the 2q-c space e) and the intensity is scanned 
in both 2q and c directions f), so that the peak width is measured by fitting the intensity 
with Gaussian distribution function. 
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The peak width distribution maps of the unirradiated, 1 dpa, and annealed 10 dpa samples 
are shown in the same color scale in Figure 6.6a-c, respectively.  Not surprisingly, the 
unirradiated specimen gives sharp and uniform diffraction peaks over the entire scanned 
area.  The matrix of both the 1dpa and the annealed 10 dpa samples diffract similarly 
sharp as the unirradiated one, while the reflections from the surface of the irradiated ones 
are broadened.  Although the affected depth shows little dependence of the irradiation 
dose and/or thermal treatment, the damage is more severe in the 10 dpa sample than in 
the 1 dpa one, even after annealing for 1 hr at 500 °C.  However, comparing Figure 6.6c 
with Figure 6.5b, it is concluded that the damage is slightly recovered by the annealing, 
evidenced by less broadened peaks (less red-orange but more green spots are found in 
Figure 6.6c than in 6.5b).   
 
 

 
Figure 6.6 FWHM map of the sample un-irradiated (a), 1dpa irradiated (b), and annealed 
10dpa irradiated (c) samples.  
 
6.4 Nanoindentation and Laue Diffraction Discussion 
 
As shown in the results it was found that the hardness increases due to 1dpa irradiation 
following the damage profile calculated by SRIM, and the hardness at the 10dpa sample 
plateaus over the entire radiation damaged region despite the fact that the SRIM profile 
predicts an increasing dose of one order of magnitude from the flat part of the region to 
the peak. This strongly suggests that past a dose of 10 dpa, no further hardening can be 
detected which suggests that the material is saturated in radiation induced defects. Similar 
effects are seen on reactor irradiated samples where no further change is observed on 
304SS irradiated beyond 10 dpa at 330-375 °C64.  Spallation source irradiated material or 
lower temperature 275 °C reactor irradiation shows this saturation at doses as low as 3-4 
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dpa39,65. In this experiment it can be seen that the 1dpa sample shows a similar hardness 
at the end of range at approximately 20 µm where the dose is ~10 dpa as well. Therefore 
we propose that saturation occurs by 10 dpa in our study.  While in our study it is still 
difficult to state the exact dose at which hardening occurs due to the lack of intermediate 
dose samples in between where also a plateau would be expected at a specific depth, it 
appears that our data agrees well with ~330 °C irradiated materials from reactors. 
However, it can also be stated that the effect of saturation is not unique to this irradiation 
but has been observed in the other studies mentioned above and agrees well with the 
literature.  
 
In order to correlate the data shown here with macroscopic mechanical tests it is 
necessary to account for the size effect observed with nanoindentation as first reported by 
Schulz and Hanemann66 and widely studied on a number of materials67,68,69,70.  In our 
study it was found that the irradiated material shows a significantly smaller size effect 
than the unirradiated material. Utilizing the Nix and Gao equation one can calculate the 
parameters H0 and h* which accounts for the size effect. The Nix and Gao model provides 
a description of the depth dependence of hardness.  H0 is the hardness that arises from 
statistically stored dislocations alone and characterizes the hardness of infinite depth, in 
the absence of any geometrically necessary dislocations, and h* is a length that 
characterizes the depth dependence of the hardness.  It was found that for the irradiated 
material H0 and h* are 4.75 and 75.41, respectively.  The unirradiated material H0 and h* 
are 1.91 and 319.2, respectively. Comparison with literature values (smaller h* and 
higher H0 numbers) reveals that the irradiated material shows a trend similar to cold 
worked materials where the deformed material shows a smaller size effect71.  This is 
based on the fact that both cold working and irradiation cause an increase in dislocations 
and therefore a decreased size effect as discussed in72 Taking into account the fact that 
typical Vickers hardness is measured in kg/mm2 and the slightly different geometry one 
comes to the conclusion that between Vickers hardness and nano hardness the equation 1 
applies: 
 
HV=0.0945 · HBerk       Eq. 1 
 
where the indenter geometry is considered72. In [73] the factor 0.0937 is used in the same 
equation based on empirical values. We utilize the geometrical relationship based on 
A.C.Fisher Cripps, and calculate a micro hardness of 448 HV on the irradiated material 
and 180 HV on the unirradiated material. Jiao et al.74 found the unirradiated hardness 
from microhardness measurements to be 174 ± 6 HV and after 10 dpa irradiation it is 385 
± 19 Hv also on 304SS which is in reasonable agreement with the nanoindentation work 
here.  In the literature microhardness testing was carried out on 304SS before and after 
cold work and irradiation and it was found that the as received material had an HV of 200 
and 380 after 1.67 dpa75.  Additionally similar values were reported for as received 
material; 188 HV and 270 HV after 1.43 × 1020 neutrons/cm2 or 220 HV as received and 
326 HV to 2.5 dpa76. Therefore it can be stated that our values measured here are in 
reasonable good agreement with the literature. 
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The relationship between Hardness and Yield strength has been studied extensively and a 
number of different relationship parameters have been proposed. Bruemmer et al77 
reported the linear relationship : 
 
σy = 2.5(HV  - 68),      Eq. 2 
 
while  Toloczko et al78 reported 
 
σy = 2.7HV  - 125,      Eq. 3 
 
Rodriguez et al68 proposed the equation:  
 
HV = 4.15σy       Eq. 4 
 
Obviously the actual calculated yield stress numbers depend on which relationship is 
utilized. It has to be pointed out that all of these relationships are purely empirical, and 
based on various materials. These relationships described above lead to a yield stress of 
330 MPa using equation 2 (Bruemmer) or 415 MPa using equation 3 (Toloczko) 530MPa 
using equation 4 (Rodriguez) in the as received state. For the 10 dpa irradiated case this 
translates to a yield stress of 1022 MPa applying equation 2 (Bruemmer),1162 MPa using 
equation 3 (Tolozcko) or 1216 MPa using equation 4 (Rodriguez). Other more elaborate 
and theoretical based correlations do exist as proposed by J. R. Cahoon, et all79 but 
require strain exponent considerations which are not part of this indentation study.  
 
J. Busby et al80 did the most elaborate empirical study on the correlation between micro 
harndess and yield stress with a significant number of irradiated materials and found that 
the change in hardness due to irradiation is related to the change in yield stress with by 
∆σy = 3.03∆HV . Leading to 812 MPa difference in yield strengths (irradiated-not 
irradiated) based on our hardness measurements, which is slightly higher than what is 
calculated with the other relationships mentioned above. 
 
In general it has to be mentioned that the literature is rather inconsistent on the topic of 
YS and hardness comparison. In fact most equations presented above were developed for 
Ferritic materials and not for austenitic materials. A better correlation exists between 
hardness and UTS but a detailed evaluation of this issue is not part of this thesis.  
Unfortunately there is not sufficient reference material available for tensile testing that 
would lend support for one method over another but future research will be geared 
towards these comparisons. It is important to note that while no further hardness change 
can be observed beyond 10 dpa, other phenomena like local element segregation can still 
exist and contribute to further materials degradation.   
 
The second part of this work features a microstructure evaluation of the irradiated  
material using a micro diffraction approach. In order to evaluate the dislocation density 
evolution as a function of irradiation dose  and thermal history, the diffraction peak width 
is investigated in more detail from the very edge of the sample.  For statistics three 
diffraction patterns at each depth are selected, and from each pattern a peak within the 
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Bragg angle range of 35°-38° is fitted with a 2D Gaussian function after background 
subtraction.  The Bragg angle of the peaks is in a range but not a specific value because 
of two reasons.  First, the areas scanned in various samples cover more than one crystal 
grain. Due to the characteristics of Laue diffraction technique, the Bragg angle relies on 
not only the d-spacing of the crystal plane, but also the orientation of the crystal grain.  
Thus it is not easy (or even not possible) to find a diffraction peak that appears at the 
same Bragg angle in all these scans.  The second reason is even more universal and 
important.  Since the synchrotron based Laue µXRD method employed in this study 
provides extremely high angular orientation, even in the same crystal grain, the local 
crystal orientation variation due to the residual stress is detectable, indicated by the peak 
position shift. Therefore, the best option is to compare the diffraction peaks that appear in 
an angular range as narrow as possible. The distribution of diffraction peak FWHM along 
the depth direction in as-irradiated 10 dpa, irradiated 10 dpa annealed, and as-irradiated 1 
dpa is displayed in Figure 6.7.  Comparing to the unannealed 10 dpa irradiated specimen, 
in which the FWHM of the diffraction peak changes from 0.5° to 0.1° within 4 µm, 
annealing reduces the width of the diffraction peak in the damaged layer, while the shape 
and width of the transition region is almost unchanged.  The 1 dpa irradiated sample, in 
contrast, does not show as dramatic peak broadening compared to the 10dpa sample.  The 
diffraction peak width, from a non-ideal crystal with high density of paired SSDs, in the 
plane perpendicular to the diffraction vector is linked to the total density of dislocations 
(n) by 23: 
 
FWHM ∝ n,        Eq. 581,59 

 
Therefore we can estimate the change in dislocation density by the measuring the change 
in FWHM.  Based on the observation that the Laue diffraction peaks are broadened 
almost isotropically, we further assume the majority of the defects are dislocation loops, 
similar to the previous work shown by Jiao et al.74 Using this correlation, the dislocation 
density in the damaged layer in the 10 dpa irradiated region is calculated, from Figure 6.7 
and Eq. 5, to be 50-80 times of what it is in the non irradiated area. It is found here that 
annealing reduces the FWHM and therefore the assumed dislocation density by a factor 
of 2-4, after 500 °C for 1 h but still is about 30 times higher than in the matrix.  In the 1 
dpa sample, the dislocation density introduced by irradiation is more than one order of 
magnitude less than in the 10 dpa sample.   
 
As stated above the dislocation density is related to FWHM by equation 5.  Yield strength 
however, is also related to the dislocation density by: 
 
 σy = σy0 + k ·n0.5      Eq.6 
Therefore plotting change in hardness which is a function of yield strength vs. change in 
FWHM which is a function of dislocation density should lead to a linear relationship as 
shown in Figure 6.8.  This correlation links the observed changes in the mechanical 
response with the increase in defect density that is attributed to irradiation. 
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Figure 6.7 Plot of change in FWHM vs depth from the irradiated surface of each sample. 
 
 

 
Figure 6.8 the change in FWHM is plotted against the change in hardness. It can be seen 
that the relationship is rather linear with a R2 value of 0.9835.  

In order to understand the microstructural evolution due to irradation damage and the 
resulting mechanical response, it is necessary to fully characterize materials that are 
utilized in irradiation environments.  Since ion beam irradiation does not allow the use of 
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large scale mechanical tests small scale mechanical testing like nanoindentation can be 
utilized.  In this study we correlated mechanical property response that is associated with 
various irradiation conditions with the defects induced during irradiation.  Comaring the 
nanoinaddentation data with  FWHM from  Laue micro diffraction we suggest that a 
linear correlation between these two paramters may exist considering that FWHM and 
nanoindentation is based on the dislocation density. Furhter investigation is needed on ths 
matter since only limited datapoints are aviabale at this point in time.  It was found that 
the 304SS shows no FWHM gradient associated with the ion beam irradiation profile and 
therfore no strong gradient in dislocation density. The 1dpa sample shows a gradient 
throught the implnatation depth leading to the conclusion that the defect saturation is 
reached at 10dpa.   

6.5 Micromechanical testing of in-situ micropillars  

A total of 10 microcompression tests were conducted within a single grain in the non-
irradiated region of the sample, and 16 microcompression tests were performed within 
three grains of different crystallographic orientations in the 10 dpa irradiated region. 
Complete engineering stress-strain data for each compression test is given in Figure 6.9. 
Tests were stopped at a range of strain levels to allow for future microstructural 
comparison of pillars compressed to varying degrees. The majority of tests were 
permitted to continue beyond the yield point and into the region in which the bulk 
material directly below the pillar begins to be tested, which manifests as a linear rise in 
stress with respect to strain toward the end of the test. Pillars under compression in both 
the irradiated and non-irradiated region exhibit multiple slip steps occurring along 
particular planes (Figure 6.9) that appear as sharp load drops in the stress-strain curves.  
 

 
 
 

        Grain 1, z[234]         Grain 2, z[215]        Grain 3, z[346] 



	   83	  

 
 

 

Figure 6.9 Complete set of engineering stress-strain curves obtained from 
microcompression tests in 10 dpa irradiated (top) and non-irradiated (bottom) 304 SS 
samples. Each curve was calculated from the load-displacement data for a particular 2 µm 
pillar test, and the curve color indicates the apparent crystallographic orientation of the 
tested region as measured with EBSD.  Grain orientation is given by the direction of the 
crystal z-axis with respect to the compression direction. The tests presented both samples 
were unloaded at different strains. 
A yield stress value for each pillar was obtained by performing a linear regression on data 
from the linear elastic regime, and finding the intersecting point of the stress-strain curve 
with a 0.2% strain offset of the regression line. Variation in yield stress from pillar to 
pillar, as indicated in the stress-strain plots above, is expected for pillars tested in grains 
of different orientations due to the differing amounts of shear stress required to initiate 
plastic deformation via slip. To eliminate differences resulting from grain orientation, we 
can instead compare calculated values for the critical resolved shear stress, a constant for 
a given crystal. The critical resolved shear stress was calculated as 
                                    τ = σy (cosφ cosλ)max                          Eq. 7 

where   σ!σ cosΦ cos λ !"#is the yield stress and cosΦ cos λ !"#is the maximum value 
of the Schmid factor for all possible slip planes of a given orientation. However, since 
this calculation relies on knowledge of the crystallographic orientation, it must be noted 
that the grain orientations were measured with EBSD only for the plane parallel to the top 
of the pillar. An assumption was therefore made that the identified grains penetrate 
through sufficient depth in the sample to contain the entire pillar volumes. If this was not 
always the case, it is possible that certain pillars may be located within grains of different 
orientation, leading to variations in measured yield strength and critical resolved shear 

     Grain 1, z[113] 
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stress for pillars assumed to be within a single grain. EBSD scans of pillar front faces 
were attempted to obtain more reliable orientation measurements. However these 
measurements are difficult to conduct accurately due to the FIB-induced martensitic 
transformation that occurs when cleaning the pillar faces. For the purposes of this thesis, 
it is assumed that all pillars are fully located within the grains identified by the initial 
EBSD scans. 

Average values and statistical uncertainties for yield stress and critical resolved shear 
stress for irradiated and non-irradiated pillar tests are given in Table 6.1. A strong 
increase in yield stress and critical resolved shear stress is observed in irradiated samples.   
Figure 6.10 shows typical slip behavior exhibited by irradiated pillars where distinct slip 
steps are observed throughout the pillar.  Conversely Figure 6.11 shows the typical 
behavior of a un-irradiated pillar where the slip steps are more localized. Most non-
irradiated pillars deformed via many small slip events occurring at roughly regular strain 
intervals. By contrast, irradiated samples typically experienced a few large, abrupt slip 
events at strains slightly beyond the yield point, and upon further compression, continued 
to slip along these planes rather than initiating new slip events.  

 

 
 
Figure 6.10 Typical slip responses observed in the irradiated grains: (Left) [234] oriented 
grain, (middle) [215] oriented grain and (right) [346] grain. 

 
Figure 6.11 Typical slip responses observed in the unirradiated grain with a [113] 
orientation. 
 



	   85	  

 
  

Grain 
Orientation [z] 

Max Calculated 
Schmid Factor 

Average 0.2% offset 
YS, σY (MPa) 

Average Critical Resolved 
Shear Stress, τ (MPa) 

Irradiated 
[234] 0.422 1285.5 ±147.1 542.6 ±62.1 

447.7 ±43.7 [215] 0.381 1087.0 ±86.7 414.1 ±33.0 
[346] 0.422 940 ±88.3 396.68 ±37.3 

Non-irradiated [113] 0.445 577.5 ±43.8 257.0 ±19.5 257.0 ±19.5 

 
Table 6.1 Comparison of average YS and critical resolved shear stress values for 
microcompression tests in irradiated and non-irradiated regions. 

6.6 T-EBSD and TEM Characterization 

T-EBSD and TEM analysis was performed on a representative irradiated pillar as well as 
an un-irradiated pillar.  However, upon further investigation it was found that traditional 
FIB milling practices as outlined in Chapter 5, result in a martensitic transformation 
where the metastable FCC austenite transforms to the BCC phase.  As can be seen in 
Figure 6.12, T-EBSD was performed on three pillars, a typical compressed irradiated 
micropillar (a), a typical compressed un-irradiated micropillar (b) and finally an 
uncompressed irradiated micropillar (c). The purpose of evaluating an uncompressed 
irradiated micropillar was to decouple any induced martensitic transformation that could 
have resulted from the deformation process itself.  It is expected that 304 SS will 
experience a phase transformation from FCC to BCC under mechanical strain.  However, 
as can be seen in Figure 6.12 the transformation was observed both with and without 
plastic deformation, therefore the martensitic transformation observed is in part due to 
FIB damage.  It should be noted that prior to any pillar fabrication EBSD scans were 
performed to confirm not only the orientation for each pillar but to also confirm the FCC 
structure in the 304 SS in both the irradiated and un-irradiated condition.  Since the FIB 
damage is limited to less then 5% of the total pillar volume, the differences in the 
mechanical behavior discussed in the previous section is believed to be attributed 
primarily to the damage imparted by irradiation and not FIB damage.  TEM of the 
irradiated pillar confirmed the T-EBSD results as shown in Figures 6.13 and 6.14 where 
the BCC martensite is clearly visible.  While the martensitic transformation from FIBing 
cannot be decoupled from the transformation that is associated with deformation, an 
effort was still made to characterize the defect structure within an irradiated pillar.  An 
irradiated micropillar that was deformed just to the point of yielding, therefore to a 
relatively low strain was also evaluated with the purpose of observing defect free 
channels.  Figure 6.15 shows the low strain irradiated pillar where distinct channels are 
observed.  It is postulated that these channels act as defect free channels as discussed in 
the previous section.  In future work we propose characterizing a similar steel such as a 
316 series that is not as vulnerable to FIB damage which would allow for a more through 
characterization of the defects that results from irradiation. 
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Figure 6.12 T-EBSD phase maps of (a) irradiated compressed pillar, (b) un-
irradiated compressed pillar and (c) uncompressed irradiated pillar.   Red 
represents the BCC martensite phase and blue is the retained FCC austenite. 
 

 
Figure 6.13 TEM micrograph of a typical irradiated pillar.  The dark domains 
visible in the micrograph correspond to transformed martensite. 
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Figure 6.14 Typical FCC/BCC boundary observed in the irradiated pillar (a), 
diffraction pattern from the boundary (b), above the boundary corresponding to 
the FCC phase (c) and below the boundary corresponding to the BCC phase (d). 
 

 

Figure 6.15 TEM micrograph of a low strain irradiated micropillar (left) and a possible 
defect free channel within that pillar (right). 
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     Chapter 7 

Conclusions 

 
This dissertation presented the novel in situ SEM micromechanical testing techniques 
that have been developed for materials in extreme environments.  In order to characterize 
these materials a unique testing apparatus and sample preparation technique were 
utilized.  The two extreme environments that were evaluated were the cryogenic 
environment and the irradiated environment.  For each environment a unique class of 
materials were evaluated and their corresponding deformation mechanisms and 
mechanical behavior were characterized.  Testing in the cryogenic environment 
characterized the deformation behavior of Sn and the solder alloy Sn96 below the DBTT.  
Testing of irradiated materials characterized the effect of ion beam irradiation on both the 
mechanical properties and the corresponding microstructure of 304 stainless steel.  By 
studying the deformation behavior of these materials in the submicron regime, it is 
possible to begin to understand and characterize how changes in mechanical behavior 
evolve as a function of the environment. 

By utilizing the novel in situ cryogenic micromechanical testing apparatus, it was 
possible to directly link the observed deformation behavior of Sn and Sn96 with the 
mechanical response below the DBTT.  Pure Sn and the solder alloy Sn96 were 
characterized below their DBTT in two unique geometries, micropillars and clamped 
beam geometry.  Characterization of these materials revealed a clear difference in the 
deformation behavior above and below the DBTT.  At room temperature, the Sn 
micropillars deformed primarily through dislocation plasticity while at -142 °C the 
micropillars deformed primarily through deformation twinning.   By examining pillars at 
various microstructural orientations it was revealed that the change in deformation 
mechanisms were found to be independent of the crystal orientation, i.e deformation 
twinning was the primary deformation mechanism below the DBTT regardless of crystal 
orientation.  The same approach was applied to the Sn96 solder alloy.  However in the 
case of the solder alloy more complex geometries were also utilized (clamped beam 
geometry) in order to obtain better understanding of the deformation mechanisms in the 
presence of a preexisting defect, such as a crack.  Micromechanical testing of the Sn96 
alloy revealed similar twinning behavior with the exception that grain boundaries and 
second phase particles can act as sources for dislocation motion and generation.   

With respect to the irradiated environment and in the case of ion irradiated stainless steel, 
this study has correlated the mechanical property response that is associated with various 
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irradiation conditions with the defects induced during irradiation.  By utilizing both 
nanoindentation and Laue micro diffraction we have shown a direct correlation between 
the observed radiation induced increase in hardness and the radiation induced increase in 
FWHM.  This study found that 10dpa ion beam irradiation is sufficient to saturate the 
material hardening as well as lattice strain which is related to the defects present.  It was 
found that the 304SS shows no FWHM gradient associated with the ion beam irradiation.  
Furthermore the use of micropillars also enabled us to characterize the dramatic change 
in yield strength due to ion beam irradiation.  Additionally the critical resolved shear 
stress was also measured for each micropillar.  It was found that the radiation 
environment causes an increase in the critical resolved shear stress and a decrease in the 
work hardenability.  Finally, post mortem TEM investigations of the micropillars was 
attempted, however it was observed that the traditional techniques used to prepare TEM 
samples, focused ion beam milling, induce a phase change in the 304SS, making it nearly 
impossible to decouple FIB artifacts from the deformed microstructure. 

In summary this thesis has demonstrated novel small scale mechanical testing techniques 
for materials that are utilized in various engineering applications.  This study has 
enhanced our understanding of the deformation behavior of pure Sn and the solder alloy 
Sn96 below the DBTT of each material.  This study has also contributed to our 
understanding of the mechanical response and corresponding microstructural evolution of 
ion beam irradiated 304 stainless steel. 
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