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Magnesium (Mg) is of interest as a lightweight structural material, given its potential for energy-

efficient and eco-friendly applications. However, Mg and its alloys have a hexagonal close 

packed structure that is characterized by an inherent plastic anisotropy which leads to poor 

formability and low strength, thereby limiting their use in many important engineering 

applications. Deformation twinning, an important plastic deformation mode in Mg, critically 

influences the strength and ductility of Mg. Consequently, a fundamental understanding of twin 

behavior under different stress and strain conditions is critical to optimize the performance of Mg 

and its alloys and thereby broaden their applicability in engineering systems. 

In this dissertation research, experimental studies, using electron backscatter diffraction (EBSD) 

and scanning transmission electron microscopy, were used in combination with atomistic 

simulations using molecular dynamics and the nudged elastic band method to provide insight 

into twin behavior and investigate how the stress and strain fields modulate deformation 

twinning in Mg. The results from this dissertation research established multiple correlations 

between grain-scale microstructural characteristics and twin behavior by collecting and 

analyzing twin evolution information from large EBSD datasets and established the preferred 
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conditions for twin nucleation, propagation, and growth. We observed room temperature, 

deformation-induced solute segregation in a Mg-Y alloy at faceted {101̅2} twin boundaries. The 

segregated Y atoms exert a pinning effect and lead to anisotropy on the mobility of twin 

boundaries. We calculated the stress-strain field modulated energy barrier for coherent twin 

boundary migration and found that there is a power-law relationship between the rate of CTB 

migration and the ratio between the twin resolved shear stress and the critical resolved shear 

stress for CTB migration. We confirmed the presence of a pure-shuffle twin nucleation and 

early-stage growth mechanism at disconnection-dense sites between stacking faults in a random 

defect network under deformation. The twin variant selection was found to be correlated with the 

line direction of the disconnection at the nucleation site. These key findings deepen our 

understanding of the fundamental mechanisms that govern twin behavior and provide alloy 

design pathways to control the mechanical response of Mg alloys by engineering the 

microstructure of deformation twins. 
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Chapter 1: Introduction 

 

 

1.1. Background and motivation 

Magnesium (Mg), one of the most abundant elements on earth’s crust, has received much 

research attention in the past a few decades as a possible lightweight candidate material for 

structural applications. This growing interest is stimulated by, for example, the need for 

lightening of automobile vehicles and hence the improvement of fuel efficiency for 

transportation [1,2]. The use of Mg in these applications will greatly benefit our society and 

environment – quantitatively each 100-kilogram reduction in vehicle weight would reduce fuel 

consumption by 0.38 L/100 km and CO2 emission by 8.7 g/km [1,3]. However, extensive 

application of Mg and its alloys has been hindered due to their limited strength and low ductility 

or formability, especially at room temperature [2,4]. Therefore, Mg processing including 

extrusion and forging must be done at a temperature range between 300 °C and 500 °C, which 

increases the cost of Mg processing. Moreover, the tension/compression yield asymmetry of 

extruded Mg alloys [5–7] as well as the strong anisotropy upon deformation of rolled Mg sheets 

[8–10] are barriers that prevent Mg from being utilized as a reliable structural material. 

These poor mechanical properties have been attributed to Mg’s hexagonal close packed (hcp) 

structure and the strong texture of polycrystal Mg and Mg alloys. The Von Mises criterion 

indicates that there have to be at least 5 independent active slip systems for a polycrystalline 

material to undergo a homogeneous plastic deformation without cracking [11]. However, the hcp 

structure of Mg greatly limits the number of available slip systems, especially under room 

temperature. Table 1.1 and Table 1.2 summarize the possible slip systems and modes of 
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deformation twinning in Mg, respectively, and Figure 1.1 illustrates the crystallographic details 

of these major plastic deformation modes. Figure 1.2 shows the critical resolved shear stress 

(CRSS) of a few representative plastic deformation modes as a function of temperature. Among 

the slip systems in Table 1.1, only 2 modes of basal <a> slip and 2 modes of prismatic <a> slip 

can be easily activated once the strain level exceeds the elastic limit and independent with 

respect to the rest. The fact that hot-rolled or extruded polycrystal Mg shows a strong basal 

texture further enhances the mechanical anisotropy and impedes the formation of non-<a> slip in 

Mg [1]. One additional plastic deformation mode still needs to be introduced to accommodate c-

axis strain and comply with the Von Mises criterion [11]. Shown by the low CRSS value in 

Figure 1.2, the tension {101̅2} deformation twin is the most frequently observed plastic 

deformation mode under ambient temperature which accommodates c-axis tension and satisfies 

the Von Mises criterion in deformed polycrystal Mg. Other non-basal dislocation slip, and modes 

of deformation twinning are possible to be present in deformed polycrystal Mg, but with far less 

frequency and higher required stress.  

Table 1.1. Possible modes of dislocation slip in Mg. Adapted from [11]. 

Burgers vector Slip plane Crystallographic elements Number of 

independent  

a Basal (0002) <112̅0> 2 

Prismatic {11̅00} <112̅0> 2 

Pyramidal {101̅1} <112̅0> or 

{101̅2} <112̅0> 

4 

c  {hki0} [0001]  

c+a Pyramidal {101̅1} <112̅3̅> or 

{112̅2} <112̅3̅> or 

{21̅1̅1} <112̅3̅> 

5 
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Table 1.2. Possible deformation twinning modes in Mg. Adapted from [11]. 

K1 

(Twinning plane) 

K2 

(Conjugated twinning 

plane) 

η1 

(Twinning direction) 

Twin shear 

{101̅1} {101̅3} <101̅2̅> 11.35% 

{101̅2} {101̅2} <101̅1̅> 6.49% 

{112̅2} {112̅4} 1/3<112̅3̅> 17.45% 

{112̅1} (0002) 1/3<1̅1̅26> 8.67% 

 

 

Figure 1.1. Major plastic deformation modes in Mg, including (a) slip systems with slip planes 

and Burgers vectors denoted and (b) twinning systems with twinning planes and twinning 

directions denoted. Reprinted from [12]. 
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Figure 1.2. Critical resolved shear stress (CRSS) values for representative plastic deformation 

modes under different temperatures in (a) pure Mg single crystals and (b) Mg-1 wt. % Al single 

crystals. Reprinted from [1]. 
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By modulating the relative activity of all the plastic deformation modes through alloying, heat 

treatment, work hardening, and other strategies, the strength and the ductility of Mg and Mg 

alloys can be engineered [4]. As an example, alloying Mg with one or more elements is found to 

be able to weaken the strong basal texture of as-rolled samples and enable the nucleation of other 

non-<a> slip to optimize the room temperature formability of Mg [1]. The mechanism behind 

easier activation of <c+a> dislocations is that the addition of some alloying elements can reduce 

the I1 stacking fault energy, while I1 stacking fault is a dominant mode of stacking faults in hcp 

structure and can serve as a heterogenous nucleation source for <c+a> dislocations [13,14] and 

therefore reduce their critical resolved shear stress (CRSS). In recent years, Mg-rare earth (RE) 

alloys and Mg-Li based alloys show significant improvements of mechanical properties [1,2].  

From the discussion above it is evident that improving the mechanical properties of Mg for use 

in structural applications will require a fundamental understanding of the mechanisms that 

govern the behavior of all the possible plastic deformation modes, especially deformation twins. 

For instance, a precise understanding of the twin nucleation mechanism in hcp materials has 

eluded investigators for decades leading to the formulation of many hypotheses that await 

validation [15,16]. Precise knowledge of twin nucleation mechanisms will facilitate the 

engineering of twin structures in Mg thereby facilitating the optimization of strength and 

ductility, for example. The plastic deformation in Mg, especially under a stress far larger than the 

yield stress, results in complex interactions between all active plastic deformation modes. By 

visualizing and analyzing twin-twin or twin-slip interactions, paying particular attention to 

possible dislocation or disconnection transmission at twin boundaries, one can evaluate how 

effectively twin boundaries can serve as barriers and how twin boundaries may interact with 

dislocations to allow absorption and/or transmission to better modulate the plastic flow in Mg for 
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strength and ductility [17–19]. Mg alloying is often accompanied by the segregation of solute 

atoms or the precipitation of a possible new phase. Hence, studies of segregation and 

precipitation phenomena help our understanding of defect transition and provide the knowledge 

required for devising strengthening strategies for Mg since both of these phenomena affect 

boundary mobility and hence the plastic flow [20–22].  

 

1.2. Deformation twinning in Mg and an overview of its behavior 

It should be noted that the possible modes of deformation twinning in Mg are many, including 

the most commonly observed {101̅2}<101̅1̅> twin and {101̅1}<101̅2̅> twin [15]. The former 

one accommodates the tensile strain along the c-axis while the latter one accommodates the 

compressive strain along the c-axis. Experimental results show they are the easiest modes to be 

activated to provide an out-of-basal-plane strain during the deformation. The {101̅2}<101̅1̅> 

twin will be discussed hereafter since it is more frequently observed in the deformed polycrystal 

Mg. 

The {101̅2} deformation twins develop in stages after the deformation is applied, from 

nucleation in the form of an embryo, to propagation into a planar-shaped lamella viewing along 

the zone axis shared by the basal plane in matrix and that in twin (i.e., 𝑲1 × 𝜼1) and finally to 

growth or sometimes called thickening. Twin nucleation marks the beginning of the evolution of 

a deformation twin. While the mechanism of twin nucleation in Mg has yet to be completely 

understood, most studies agree that in polycrystalline Mg, the deformation twin nucleates in a 

heterogenous manner, which means that the formation of the twin embryo is assisted by other 

defects such as grain boundaries, single- or multi-layered stacking faults instead of a pure stress 
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field [15]. Available evidence suggests that the critical resolved shear stress (CRSS) criteria is 

less accurate for predicting deformation twinning than it is for predicting dislocation slip – twin 

nucleation tends to occur within a broader resolved shear stress range rather than a well-defined 

singular value [23,24].  

Inspection of the published literature reveals that there are primarily two categories of the 

theories on how defects assist the {101̅2} twin nucleation – the shear-shuffle model and the pure 

shuffle model. The former one assumes the importance of a precursor structure to the {101̅2} 

twin embryo, twinning disconnections (TDs) with a Burgers vector of 
1

15
< 101̅1̅ > {101̅2} and 

a step height of 2 atomic layers [25,26]. Pre-existing dislocations may dissociate or combine with 

other defects to generate multiple TDs. There are plenty of possible pathways for the nucleation 

of TDs. Under stress concentration, multiple TDs may form by, for example, the combination of 

a basal <a> slip and a pyramidal-I <c+a> slip [27]; the dissociation of edge <c> and mixed 

<c+a> dislocations [28]; the interaction between a basal dislocation and a {112̅1} twin [29] or 

the “pole mechanism”. In this “pole mechanism” a sessile pole dislocation acts as an anchor and 

allows for the dissociation of a partial dislocation and therefore the resultant TD rotates around 

the pole dislocation to form a twin embryo [15,30,31]. After the source of TDs is clarified, we 

note that there are also two theories on how TDs participate into the twin nucleation – (1) the 

normal-twinning mechanism suggests that a stable twin nucleus is formed by the simultaneous 

nucleation of a few twinning TDs; (2) the zonal-twinning mechanism suggests that the nucleus is 

formed by the simultaneous nucleation of not only a few TDs, but an additional partial 

dislocation [26]. It follows from these theories that there should exist a critical size for the twin 

embryo to be stable. Under the normal-twinning mechanism, this value is predicted to be 6 

atomic layers; under the zonal-twinning mechanism, this value should be 17 atomic layers [26].  
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The pure-shuffle model, however, does not necessarily require the participation of TDs into the 

twin nucleation process. Instead, this model postulates that atomic shuffling, a non-affine (i.e., 

the displacements cannot be completed solely by a linear transformation) and diffusionless 

atomic displacement, akin to that involved in phase transformations, directly leads to twin 

nucleation. While defects are still needed to assist the atomic shuffling, this mechanism requires 

far fewer precursors to be present, if any. The shuffling-induced twin nuclei feature: (1) a basal-

prismatic (BP) and prismatic-basal (PB) transition and subsequently BP and PB interfaces 

bounding the twin embryo, and (2) a deviation of the misorientation angle from the ideal 86.3° to 

approximately 90° which complies with the basal-to-prismatic and prismatic-to-basal transition 

[16,32–34]. Figures 1.3 and 1.4 shows two examples for the twin nucleation following the shear 

shuffle model and the pure-shuffle model, respectively. As a summary, the shear-shuffle and the 

pure-shuffle model represent two mutually competing pathways of twin nucleation, which often 

depend on the microstructures and stress conditions at a specific site. 
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Figure 1.3. A shear-shuffle twin nucleation mechanism featuring the formation of TDs under the 

interaction of a basal dislocation and a {11-21} twin. The atoms are colored based on the excess 

potential energy with red representing a higher value. (a) shows the large excess energy at the 

junction of the basal dislocation and {11-21} twin. (b) shows a {10-12} twin embryo. (c) shows 

the same twin embryo but with bounding TDs and a partial dislocation. Reprinted from [29]. 

 

The {101̅2} twin propagation and the twin growth both result in a size increase of the 

deformation twin in two dimensions, respectively. The twin propagation happens in the earlier 

stage of the twin evolution under deformation and results in the twin size increase along the 

twinning direction. It is mostly completed by the movement of the twin tip, which may consist of 

multiple TDs [15]. The twin growth represents the thickening of the twin after the fast twin 

propagation. During growth, the twin boundary must migrate as the twin grows along the normal 

direction to the twinning plane. Twin boundary migration is generally proposed to be assisted by 



 

10 

 

TDs. TDs are highly mobile and can glide through both the twin boundary, the basal-prismatic 

(BP) interface and the prismatic-basal (PB) interface [35] to enable the reorientation of crystal 

and therefore twin boundary migration.  

Figure 1.4. A pure-shuffle twin nucleation mechanism featuring the 90° B-P transformation 

observed by in situ high-resolution transmission electron microscopy (HRTEM). (a)-(c) shows 

sequential HRTEM images with time labelled. Scale bars represent the length of 2 nm. Reprinted 

from [33].  

 

Since TDs are also structurally necessary for both twin propagation and twin growth, the sources 

of TDs during these two processes have been an important research topic [36,37]. The nucleation 

of TDs is mostly likely to be slip-assisted for {101̅2} twins [36,38], which means TDs form as a 

result of the interaction between other slip and twin interface. Other studies on the kinetics of 

twin boundary migration have shown that a lower energy barrier allows an easier glide for TDs 

of {101̅2} deformation twins compared to those of {101̅1} twins [39]. Hence, by studying the 

energetic feasibility of TD glide, the stable configuration of TDs for each twinning mode can be 

identified [40]. 

Recent studies have paid particular attention to the three-dimensional (3D) structure of {101̅2} 

deformation twins [41–44]. The well-known and most visualizable {101̅2} coherent twin 

boundary and BP/PB interface are only part of the interface segments (or the interface facets) 

that bound the {101̅2} twin, considering the {101̅2} twin as a 3D object. The twin propagation 
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and the twin growth are, strictly speaking, caused by the migration of all these interface facets 

contributes. Due to the improvement in transmission electron microscopy (TEM) and simulation 

techniques, more interface facets of the {101̅2} twin, such as the conjugate {101̅2̅} twin 

boundary, the semi-coherent twist {21̅1̅0} prismatic-prismatic boundary and the twist/tilt {1̅101} 

pyramidal-pyramidal boundary and other boundaries with higher indices [41,43,44]. Judged by 

the observed irregular shape viewing along the direction perpendicular to the twinning plane, the 

mobility of these high energy facets and the twin growth assisted by their motion is locally 

controlled and is attributable to the mobility difference of corresponding TDs to these facets, 

mostly that between the edge and the screw TDs [43]. It has also been found that the interaction 

between connecting facets will make a significant difference on their mobility and one facet may 

have various structures (i.e., states) upon applied stress that will vastly change its mobility [44]. 

Double twinning represents the phenomenon that there is one or more secondary twins within the 

primary twin [45,46]. The primary twin then will be matrix with respect to the secondary twin. 

Two commonly observed double twinning modes are {101̅1}-{101̅2} and {101̅3}-{101̅2}, with 

the former in the pair being the primary twin. {101̅2}-{101̅2} double twinning is also possible 

but less common. Modes of {101̅1}-{101̅2} and {101̅3}-{101̅2} double twinning are 

mechanically enabled because a tension secondary twin inside the domain of the compression 

primary twin also accommodates compression along the c-axis like the primary twin. Different 

from them, {101̅2}-{101̅2} double twinning is the consequence of twin-twin interactions, for 

example, the case where one primary {101̅2} twin impinges on the boundary of another primary 

{101̅2} twin [1,47,48]. Based on these mechanisms, there is a preferred variant relationship 

between the primary and the secondary twin [46,48]. 
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Finally, as a reverse process with respect to twinning, detwinning may happen when the applied 

load is released or reversed (e.g., under cyclic loading). Detwinning will shrink the size of the 

deformation twin and therefore relax c-axis strain possibly by the opposite migration of twin 

boundaries and finally TDs’ transition into dislocations in matrix [49].  

 

1.3. Electron backscatter diffraction (EBSD) 

Electron backscatter diffraction (EBSD) in the scanning electron microscope (SEM) is a 

materials characterization method that can identify the phase and determine the orientation of 

crystalline materials and thereby enhances our understanding of materials’ microstructure and 

properties [50]. Consequently, EBSD is adopted in this dissertation research to detect {101̅2} 

twins and understand their evolution behavior during deformation in Mg alloys. 

Phase identification and orientation determination is technically enabled by the detection of 

EBSD patterns, or Kikuchi diffraction patterns in essence. EBSD patterns are acquired by using a 

stationary electron beam to probe the surface of a highly tilted (usually by 70°) sample. The 

incident electrons that are inelastically scattered within the sample and only lose a small amount 

of their energy would serve as the source of diffraction electrons. Then some of these electrons 

satisfy the Bragg diffraction conditions and therefore are diffracted into two cones of intensified 

electron signal with a semi-angle of (90°-θ) by each lattice plane, while θ denotes the diffraction 

angle in Bragg’s law. These two cones will appear to be a pair of bright straight lines, known as 

a Kikuchi band, when they are intercepted by the screen of the EBSD detector. All these Kikuchi 

bands resulting from the electron diffraction by each crystallographic plane altogether form the 

EBSD pattern which contains the information of the phase and the crystal orientation [50]. With 
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analysis of the EBSD pattern following the algorithm of band detection, for example, the Hough 

Transform [51], the computer is able to reveal the phase and orientation information 

automatically [50]. The EBSD mapping is then made possible by scanning the sample surface 

and showing the phase or the orientation of each pixel in a single map. 

After the EBSD mapping of Mg or Mg alloys, the twin domain in an EBSD map can be labelled 

according to the misorientation between the twin domain and the neighboring matrix domain. 

The twinning relationship indicates that for the rotation from matrix to the {101̅2} twin, the 

rotational angle must be around 86.3° and the rotational axis must be one of the six variants of 

the a- (i.e., <112̅0>) axis [52]. Furthermore, the EBSD data including the information such as 

the twin variant, the twin morphology, and the twin location with respect to the grain can also 

help understand the twin distribution and behavior.  

 

1.4. Scanning transmission electron microscopy (STEM) 

Scanning transmission electron microscopy (STEM) imaging is operated with a convergent 

beam, different from TEM imaging which uses parallel beam. After tuning the convergency of 

electron beam, the convergent beam, which is kept being parallel to the optic axis during 

imaging, will then be scanned across the sample pixel by pixel to construct the STEM image. 

There are a few imaging modes of STEM categorized by the angular position of the detector, 

including bright-field, angular dark-field and high-angle angular dark-field (HAADF). They each 

collect signals from transmitted electrons with different scattering angles [53,54].  

In this dissertation, HAADF-STEM is applied to characterize the segregation at twin boundaries. 

The signals received by the HAADF detector have a maximized effect of Rutherford-scattering 
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while the diffraction-contrast effects are minimized because of the high-angle position the 

detector is placed at (> 50 mrad). Therefore, HAADF-STEM images are able to visualize the 

segregation of heavy elements due to the sharp Z-contrast of this imaging mode [53]. 

 

1.5. Atomistic simulation methods 

1.5.1. Introduction to molecular dynamics (MD) 

Molecular dynamics (MD) is a computational method widely used for the simulation of atomic 

movements in space under a given set of conditions. Usually, the trajectories of atoms are solved 

by treating each atom as a point mass and applying numerical integration of Newton’s equation 

of motion to them with defined initial condition and boundary condition, while the interatomic 

force is calculated through an interatomic potential describing the interaction between atoms by 

the negative gradient of potential energy for a specific atom with respect to its current position. 

A feasible way to update the positions and the velocities of atoms timestep by timestep is to use 

the Verlet integration [55]. MD simulations are able to extract some meaningful microscopic or 

macroscopic information of the system from the motion data of the ensemble of all atoms, 

including diffusivity, phase diagrams and plastic deformation [55], which is one of the key 

research topics of this dissertation. 

The strengths and the shortcomings of MD are evident from its assumptions as far as a working 

mechanism. The atomistic mechanism of a physical event, which is usually hard to visualize 

using an experimental method, can be easily simulated through MD within a reasonable amount 

of time. On the other hand, one of the concerns of MD calculations is the limitation of its time 

scale. By using discrete timesteps to calculate a continuous evolution of the system, the timestep 
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size must not be too long and therefore MD often works at the time scale of microseconds to 

nanoseconds. In other words, it is hard for MD to operate on a system or an event which evolves 

at an extremely low rate, such as diffusion [56,57]. Despite these drawbacks, MD methods are 

essential to provide important insight into the atomistic mechanism of deformation twinning in 

Mg [25,28,58] as long as the setup of the MD model is physically reasonable enough to avoid 

these drawbacks. 

1.5.2. Nudged elastic band (NEB) 

The minimum energy path (MEP) is defined as the path in phase space along which the energy 

gradient is parallel to the path itself among all the possible paths connecting the designated initial 

and final states [59]. At any point along the MEP, the perpendicular-to-the-MEP component of 

the force acting on the atoms remains zero [60]. The MEP contains the information regarding the 

atomic movement during the transition. The calculation of an MEP enables the understanding of 

the atomistic mechanism as well as the energy barrier during a certain transition or reaction and 

allows access to a time scale on the same order of experimentally-relevant time scale, which is 

hard to accomplish using conventional MD as mentioned above [56,61]. To find such a MEP, 

nudged elastic band (NEB) has been proved to be a feasible method by many studies [62–65].  

NEB conducted in the thesis is performed using LAMMPS. The algorithm contains two stages of 

the NEB calculation. After defining the configuration of the first and the last replica, the 

algorithm will construct a few replicas (i.e., images) of the system representing the evolution 

process from the first to the last replica, and assign an initial guess to them, usually by executing 

a linear interpolation of atomic coordinates between the first and the last replica. In the first 

stage, the initial guess of replicas should converge towards MEP. This is realized by applying the 

force 𝑭𝑖 in the following equation, 
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𝑭𝑖 = 𝑭𝑖
𝑠𝑝𝑟𝑖𝑛𝑔

|∥ − 𝛻𝐸(𝑹𝑖)|⊥        (1.1) 

to each replica 𝑖, where 𝑭𝑖
𝑠𝑝𝑟𝑖𝑛𝑔

|∥ is the parallel-to-the-MEP component of the inter-replica 

nudging force and 𝛻𝐸(𝑹𝑖)|⊥ is the perpendicular-to-MEP component of the physical force 

because of the gradient of the potential energy. The first term, 𝑭𝑖
𝑠𝑝𝑟𝑖𝑛𝑔

|∥ can be further expressed 

as 

𝑭𝑖
𝑠𝑝𝑟𝑖𝑛𝑔

|∥ = 𝑘(|𝑹𝑖+1 − 𝑹𝑖| − |𝑹𝑖 − 𝑹𝑖−1|) ∙ 𝝉�̂�𝝉�̂�      (1.2) 

, where 𝑹𝑖−1, 𝑹𝑖, 𝑹𝑖+1 represent three consecutive replicas with replica 𝑖 sitting in between, 𝝉�̂� is 

the unit vector tangent at replica 𝑖 and 𝑘 is the spring constant in NEB and is usually kept the 

same for all replicas. This linear nudging force is implemented to let each replica equally spaced. 

The second term, 𝛻𝐸(𝑹𝑖)|⊥ can be expressed as 

𝛻𝐸(𝑹𝑖)|⊥ = 𝛻𝐸(𝑹𝑖) − 𝛻𝐸(𝑹𝑖) ∙ 𝝉�̂�        (1.3) 

, where E represents the potential energy of each replica. It allows the MEP to converge towards 

the MEP. In the second stage of NEB, which is sometimes called barrier-climbing NEB or 

climbing-image NEB, a virtual force will be applied to the specific replica with the highest 

potential energy after the first stage to drive it up to the exact saddle point, while the other 

replicas rearrange themselves along the MEP to keep equally spaced. The force imposed to the 

highest energy replica is 

𝑭𝑠 = −𝛻𝐸(𝑹𝑠) + 𝛻𝐸(𝑹𝑠)|∥ + 𝛻𝐸(𝑹𝑠)|∥       (1.4) 

, where 𝑹𝑠 denotes the replica with the highest energy after the first stage of NEB. While the first 

two terms in Equation (1.4) is exactly the same as −𝛻𝐸(𝑹𝑖)|⊥ in Equation (1.1) and therefore 

still confines replica 𝑠 to the MEP, the third term is a force along the elastic band induced by the 
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inverted potential and hence allows 𝑹𝑠 to move up the potential energy surface to the actual 

saddle point [60]. 

 

1.6. Twin-mesh engineering 

Twinning has the potential to strengthen and toughen the material simultaneously, while other 

strengthening mechanisms, such as precipitation hardening, generally sacrifice the toughness of 

the material [66]. This idea is originated from the finding that in face center cubic (fcc) Cu, 

nanoscale twins are able to improve the strength without a significant loss of ductility [67]. The 

mechanisms for strengthening are that twin boundaries can act as barriers to dislocation motion 

since dissociations of dislocation is not energetically favorable without necessary stress 

concentration at twin-slip band intersection [68] and that for alloys, the segregation of solute 

atoms at the twin boundary also strengthens the material through the pinning effect [20]. The 

toughening is enabled by the fact that the twin boundary still allows some of dislocation slip to 

get through or to be absorbed by the boundary itself [11,17–19,67,68], so the material does not 

fracture in a brittle manner. In polycrystal Mg and Mg alloys, adjoined twin pairs attached to the 

same grain boundary have been frequently observed under different temperature and strain rate 

[69]. This junction of twins or the ensuing twin-twin interactions allow for the possibility to 

“design” a twin structure and alleviate the strong texture as well as the anisotropy and boost the 

microstructural stability by the three-dimensional configuration of the twin network [66]. In 

summary, materials with a high density of twins would gain a significant improvement on 

strength and toughness due to the above-mentioned mechanisms. 
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While the same type of the dislocation slip is quite microstructurally analogous, deformation 

twinning features a significant statistical variation in its morphology, size, variant and spatial 

distribution [23]. This allows researchers to modulate the twin’s microstructural characteristics 

by controlling the grain size [23], the distribution of grain orientation (i.e., the texture) [23], the 

applied strain [70], and alloying elements [2]. The idea of “twin-mesh engineering” tries to 

achieve the goal of hardening and toughening by building 3D twin meshes in polycrystalline Mg 

or Mg alloys. As one of the ultimate goals of this study, twin-mesh engineering has been recently 

proven to be promising in Mg as supported by the finding that: (1) it is possible to generate a 

twin network composed of thinner twins in compressed coarse-grained Mg-4 wt. % Li [45] and 

SPEX-milled pure Mg foil [71]; (2) parallel nanotwins with a high density are observed in Mg-8 

wt. % Li compressed with ultrahigh hydrostatic pressure [72]; (3) the twin network/mesh 

optimizes the mechanical property of the Mg material [45,71]. 

 

1.7. Dissertation objectives and organization 

The goal of this dissertation research was to use modeling and experimentation to provide insight 

into the mechanisms of twin behavior in Mg, particularly into the conditions that facilitate twin 

nucleation as well as to the behavior of twins under an applied stress field. To accomplish this 

goal, this thesis is organized as follows. First, Chapter 1 introduces the relevant background and 

the motivation of the thesis study and briefly explains the key methods that are used, and the 

subsequent chapters are arranged as follows: 
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• Chapter 2: An EBSD-based statistical analysis to investigate the {101̅2} twin evolution in 

Mg-Y alloys during deformation and establish statistical correlations between grain-level 

microstructural characteristics and twin behavior. 

• Chapter 3: A STEM-based characterization on room-temperature, deformation-induced Y 

segregation at faceted {101̅2} twin boundaries in the form of Y-rich columns and 

nanoscale clusters in a Mg-3Y alloy. 

• Chapter 4: An NEB-based simulation on a systematic study of the stress-dependent 

energy barrier of CTB migration. 

• Chapter 5: Unexpected observation of twin nucleation from disconnection-dense sites 

between two stacking faults inside a randomly generated defect network using MD. 

• Chapter 6: A summary of the dissertation and an outlook for future work to further 

enhance the understanding of deformation twinning in Mg and thereby enhance 

mechanical properties through twin-mesh engineering. 
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Chapter 2: An EBSD-based Statistical Analysis on Twin Evolution in Mg-Y Alloys 

 

 

2.1. Abstract 

We report on an investigation of twin evolution in Mg-Y alloys using quantitative statistical 

analysis of large datasets acquired by electron backscatter diffraction. In particular we studied 

the influence of strain in Mg-3 wt. % Y (Mg-3Y) as well as the influence of Y concentration in 

four different Mg-Y alloys on twin evolution. Our results reveal multiple correlations between 

grain-scale characteristics and twin behavior. We show that the twin area fraction evolution in 

Mg-3Y follows a different trend than the simpler model effective in heavily textured Mg alloys. 

The {101̅2} deformation twins are the most active in accommodating the plastic strain before 

profuse twin-twin interactions occur. The positive correlation between grain size/grain boundary 

perimeter and the probability of observing at least one twin inside the grain is confirmed for all 

strain levels for Mg-3Y and all Mg-Y alloys studied. The Schmid factor analysis shows a nearly 

constant ratio for the number fraction between three co-zone twin variant pairs. As the applied 

strain increases, the twin variant with a larger Schmid factor in the co-zone twin variant pair is 

preferred. The lower twin area fraction observed inside Mg-3Y is attributable to the higher Y 

concentration rather than to a weakened texture. A higher frequency of the co-zone and the 1st 

type non-co-zone twin-twin intersections in Mg-3Y is also observed. This study generally 

validates the notion that EBSD can be used as a promising data source to execute high-

throughput analyses of microstructure, particularly in the case of crystallographic orientation-

based features.  
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2.2. Introduction 

Magnesium (Mg) is a promising lightweight material for structural applications. Such a 

lightweight structural material provides benefits and is particularly well suited for eco-friendly 

transportation by virtue of the potential weight savings in vehicles and hence fuel consumption. 

However, extensive application of Mg and its alloys in structural applications is impeded due to 

its limited room temperature ductility as well as its relatively low strength. These poor 

mechanical characteristics are attributed to the limited amount of active slip systems. To satisfy 

the von Mises criterion [11], {101̅2}<101̅1̅> tension twins and {101̅1}<101̅2̅> compression 

twins, in addition to basal <a> slip and prismatic <a> slip are frequently activated in 

polycrystalline Mg to allow for a homogenous plastic deformation without cracking [1].  

Deformation twins play an important role in plastic deformation of Mg by: (1) accommodating c-

axis strain [15]; (2) forming twin boundaries that may interact with or impede dislocation slip in 

different ways [17–19]; (3) modulating the texture of Mg by reorientating the crystal in the twin 

domain [70]; (4) sometimes leading to the formation of cracks and fractures [11,45]. Therefore, 

understanding the evolution of deformation twins under an applied strain is important to describe 

the plastic flow in Mg. Deformation twins do not nucleate, propagate, and grow totally in a 

random manner. So far there have already been many reported rules proposed to describe twin 

evolution in Mg and Mg alloys. For example, twin nucleation preferably happens in larger grains 

[23,73]; while the grain boundary is generally more likely to be the twin nucleation site due to 

stress concentration, grain boundaries with a lower misorientation angle provide preferred sites 

for twin nucleation [23,73–75]; the Schmid factor for each grain in reference to the twinning 

mode, provides a useful prediction on whether this twinning mode will be active or not, but with 

some exceptions, possibly due to microstructural features that occur at the nanoscale [23,73,76].  
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Mg-Y alloys, as one of the widely researched Mg-rare earth alloys, have an outstanding 

mechanical properties due to the weakening of the texture, the decreased critical resolved shear 

stress (CRSS) for <c+a> dislocations and the increased CRSS for twins [2,5,77]. However, to 

date there are limited quantitative reports how different the twin evolution in Mg-Y alloys is as a 

function of Y concentration and the applied deformation. Hence, to provide insight into twin 

behavior in Mg-Y and compare it with that in pure Mg and other Mg alloys, it would be helpful 

to pursue a systematic study on how the modification of properties by Y, such as the texture and 

the relative ease of multiple plastic deformation modes, change twinning, based on a substantial 

amount of experimental data. 

In view of the above discussion, the goal of this study is to investigate twin evolution in Mg-Y 

alloys from two perspectives – (1) Mg-3 wt. % Y (Mg-3Y) compressed along rolling direction 

(RD) to multiple strain levels and (2) four binary solid solution Mg-Y alloys with different Y 

concentrations compressed along RD by the same strain. To visualize the microstructure of twins 

at the micron scale, electron backscatter diffraction (EBSD) was used to capture the 

crystallographic orientation on the cross-sections of Mg-Y alloys after deformation. After EBSD, 

the crystallographic orientation data were further processed by Microstructure Evaluation Tool 

for Interface Statistics (METIS) to output the data into structured query language (SQL) 

databases. The databases, which automate the identification of different types of twins and 

classify the twin statistics, enable a high-throughput quantitative analysis to understand the role 

of microstructural characteristics and alloy composition on twin evolution. A statistical study 

reveals some grain-scale local characteristics, including grain size, grain boundary perimeter, and 

grain orientation and sample-scale parameters such as the compressive strain and the alloying 

element concentration, all impact twinning, but in different ways. The correlation between 
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microstructural characteristics established through statistical analysis can provide insight into 

plasticity theories regarding twinning. The findings on the prediction of deformation twinning 

also help design materials with desired activity of deformation twinning by modulating the grain-

level microstructure.  

 

2.3. Experimental Methods 

2.3.1. Material 

Mg-0.2 wt. % Y (Mg-0.2Y), Mg-0.6 wt. % Y (Mg-0.6Y), Mg-1 wt. % Y (Mg-1Y) and Mg-3 wt. 

% Y (Mg-3Y) alloys (Helmholtz-Zentrum Geesthacht) were studied in this work. The four Mg-Y 

alloys, as cast ingots, were first homogenized and hot rolled at 500 °C with a thickness reduction 

of 50% to 6 mm. Subsequently, a recrystallization heat treatment was carried out for all Mg-Y 

alloys in order to remove all pre-existing twins and keep the grain sizes of each alloy nearly the 

same. The recrystallization parameters, as well as the grain sizes, are listed in Table 2.1. 

Table 2.1. The recrystallization parameters and average grain sizes of Mg-Y samples studied in 

this work. 

Sample Mg-0.2Y Mg-0.6Y Mg-1Y Mg-3Y 

Recrystallization 

conditions 

400 °C, 10 min 400 °C, 10 min 400 °C, 10 min 450 °C, 10 min 

Average grain size 35 µm 21 µm 22 µm 26 µm 

 

Figure 2.1 shows the optical microscopy images of the four Mg-Y alloys validating the twin-free 

starting structures, the equiaxed grains and the similar grain sizes (except for that of Mg-0.2Y 

due to the rapid grain growth under a low concentration of Y) following recrystallization. Figure 

2.2 shows the starting texture of all four Mg-Y alloys characterized with X-ray diffraction 
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(XRD). The Mg-Y samples before deformation reveal a basal texture typical of Mg due to the 

rolling. However, as the concentration of Y increases, the so-called rare earth texture [2] starts to 

become more dominant, which indicates that the basal texture is weakened by the addition of 

rare earth elements such as Y in this study. Quantitatively, the maximum intensities of each 

(0002) pole figure are 16.7, 17.2, 9.1 and 7.1 multiples relative to that of a uniform distribution 

for Mg-0.2Y, Mg-0.6Y, Mg-1Y and Mg-3Y, respectively. 

 

Figure 2.1. The optical microscopy images of (a) Mg-0.2Y, (b) Mg-0.6Y, (c) Mg-1Y and (d) 

Mg-3Y samples after recrystallization. 
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Figure 2.2. (0002), (10-10), (10-11) pole figures showing the initial texture of (a) Mg-0.2Y, (b) 

Mg-0.6Y, (c) Mg-1Y and (d) Mg-3Y samples. In each pole figure, X denotes rolling direction 

(RD), and Y denotes traverse direction (TD).  

 

2.3.2. Mechanical testing 

Compression tests were performed with an Instron 8801 servohydraulic universal testing 

platform. The Mg-Y alloys were sectioned into 4 x 4 x 6 (ND x TD x RD) mm cubes using wire 

cut electrical discharging machining to avoid significant damage to the material induced by 

cutting. The samples were compressed along RD with a strain rate of 10-3 s-1 in a quasi-static 

manner for all compression tests discussed. To deform the samples to different strain level, a 

critical compressive strain was set to stop the compression test at the desired strain along RD. 
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For Mg-3Y, six samples were deformed to the true strain of 1.5%, 3.0%, 5.0%, 7.0%, 9.0% and 

11.0%, respectively, to investigate the twin evolution in Mg-3Y. For the other three 

compositions, only one sample for each composition was deformed until an intermediate true 

strain level, 5.0% to show the effect of Y concentration on the twin evolution. 

2.3.3. Microstructural characterization 

The as-deformed sample was mechanically polished down to 0.05 μm using colloidal silica in 

ethylene glycol. Then chemical etching was performed using an etchant comprised of 10% nitric 

acid, 20% hydrochloric acid and 70% ethanol by volume, to remove the surface layer associated 

with polishing-induced residual stress, for better electron backscatter pattern quality. 

EBSD was performed in a Tescan GAIA3 field emission scanning electron microscope equipped 

with an Oxford AztecHKL NordlysMax2 integrated EBSD system. EBSD was performed on the 

RD x ND plane. EBSD maps were acquired from six 500 x 500 μm regions for each Mg-Y alloy, 

with the step size being 1 μm to meet the balance of scanning time and resolution. The regions 

for EBSD scanning were randomly selected while keeping them distributed over the entire 

sample surface and not in the proximity of each other. 

2.3.4. Statistical analysis 

After the data acquisition by EBSD, the software METIS was applied to realize the twin 

statistics. METIS can execute an automatic detection of twin relationship in the EBSD data of 

hcp materials and output an SQL database which contains the quantified crystallographic 

information, especially twin-related parameters. The software also allows manual edit to correct 

any mislabeled twin relationship. Interested readers are referred to reference [52] for more details 
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regarding METIS. The statistical analysis was accomplished using MATLAB based on the data 

extracted from the SQL database.  

2.4. Results 

2.4.1. Stress-strain curves 

Figure 2.3 shows the true compressive stress-strain curves collected for Mg-3Y at various strain 

levels and for all Mg-Y alloys to 5.0% compressive strain. Figure 2.3(a) demonstrates that stress-

strain curves of Mg-3Y deformed to six compressive strain levels are in good agreement with 

each other. Figure 2.3(b) compares the true stress-strain curves of Mg-0.2Y, Mg-0.6Y, Mg-1Y 

and Mg-3Y for the 5.0% RD compression test. The hardening rule is slightly different among the 

four compositions of Mg-Y alloys – the yield stress and the hardening rate in the plastic regime 

increases marginally with Y concentration. 

Although the relationship between total strain and twin evolution is often discussed in the 

literature, plastic strain represents the portion which a deformation twin would accommodate. By 

assuming that the elastic constant does not change during hardening, the total strain for each 

sample can be further decomposed into elastic strain and plastic strain by visually extending the 

linear elastic portion of the true stress-strain curve to the ending stress level, as illustrated in 

Figure 2.3(a). The value of plastic strain, along with actual total strain, is shown in Tables 2.2 

and 2.3. Hereinafter, the nominal total strain will be used to denote each sample, while the plastic 

strain will be mentioned if plastic deformation is discussed. 
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Figure 2.3. (a) True stress-true strain curves of six Mg-3Y samples deformed until each of six 

strain levels with the definitions of elastic strain and plastic strain labeled; (b) True stress-true 

strain curves of Mg-0.2Y, Mg-0.6Y, Mg-1Y and Mg-3Y deformed until 5.0% compressive 

strain. 

 

Table 2.2. The total strain levels and plastic strain levels for each RD compressed Mg-3Y 

sample. 

Nominal strain 1.5% 3.0% 5.0% 7.0% 9.0% 11.0% 

Actual strain 1.7% 3.1% 5.2% 7.3% 9.4% 11.7% 

Plastic strain 0.6% 1.8% 3.8% 5.6% 7.3% 9.1% 

 

Table 2.3. The total strain levels and plastic strain levels for 5.0% (nominal strain) RD 

compressed Mg-Y alloys. 

Sample Mg-0.2Y Mg-0.6Y Mg-1Y Mg-3Y 

Actual strain 5.2% 5.0% 5.1% 5.2% 

Plastic strain 4.2% 4.0% 4.2% 3.8% 

 

2.4.2. EBSD characterization 

Figure 2.4 illustrates a series of EBSD inverse pole figure (IPF)-Y colored maps for all Mg-3Y 

samples strained to 1.5%, 3.0%, 5.0%, 7.0%, 9.0% and 11.0%. In the EBSD micrographs for 

slightly strained samples (e.g., 1.5% and 3.0% true strain in Figures 2.4(a) and 2.4(b), most of 

the deformation twins appear with a lenticular morphology. While the amount of deformation 

twins is limited, the deformation twins are not randomly distributed in the sample, instead there 
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are a few subregions that exhibit preferential twin nucleation and growth. In those subregions 

with more twins, twin-twin transmission between neighboring grains is observed frequently due 

to the locally relaxed shear-induced backstress at grain boundaries, which has been reported 

elsewhere [23,74]. It is also observed that there are usually either zero or multiple twins in a 

grain. In a grain with multiple twins, the lenticular-shaped twins usually propagate along the 

same or a nearly perpendicular direction. This indicates these twins are either of the same twin 

variant (mutually parallel) or of co-zone twin variant pairs (mutually perpendicular).  

 

Figure 2.4. EBSD IPF-Y micrographs for Mg-3Y compressed along RD to (a) 1.5%; (b) 3.0%; 

(c) 5.0%; (d) 7.0%; (e) 9.0% and (f) 11.0%, colored coded to represent the crystal axis along ND 

(the legend is shown on the top of (c)). TD is perpendicular to the scanned plane, while RD and 

ND are along the horizontal and the vertical direction of the EBSD micrographs, respectively. 

 

Within the mid-strain range (e.g., 5.0% and 7.0% true strain in Figures 2.4(c) and 2.4(d)), the 

main morphological change for twins associated with twin-twin intersections is that lenticular-

shaped deformation twins merge (for twins with the same or mutually co-zone variants) or 

combine (for mutually non-co-zone twin variants) together to form complex morphologies that 
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are confined by grain boundaries or by twin-twin boundaries (TTBs). Three different types of 

twin-twin interactions are possible: (1) twin-twin intersections between the same twin variant 

lead to merged lenticular shaped twins, without the formation of TTBs; (2) those between the 

non-co-zone twin variant pairs form a TTB with a misorientation of ~60°, similar to that of the 

{101̅1} twin boundary whose ideal misorientation angle is 56° in Mg; (3) those between the co-

zone twin variant pair, however, don’t necessarily have a detectable TTB because their 

theoretical misorientation is merely ~7°. 

In the EBSD micrographs for heavily strained samples (e.g., 9.0% and 11.0% true strain in 

Figures 2.4(e) and 2.4(f)), the propagation, growth and intersections of the deformation twins 

greatly change the texture of the sample. Many grains in the heavily strained samples appear to 

be free of twins, but their grain orientation distributions sharply deviate from the texture of the 

starting material, indicating those grains might have been fully reoriented by the deformation 

twins. Because it is sometimes hard to identify twin boundaries and therefore twinning 

relationships, some of the statistics discussed hereinafter may not contain the data from the Mg-

3Y sample strained to 11.0%. 
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Figure 2.5. EBSD IPF-Y micrographs for 5.0% RD compressed (a) Mg-0.2Y; (b) Mg-0.6Y; (c) 

Mg-1Y and (d) Mg3Y, colored coded to represent the crystal axis along ND (the legend is shown 

on the top of (b)).  

 

Figure 2.5 shows another series of EBSD IPF-Y figures for 5.0% RD compressed Mg-0.2Y, Mg-

0.6Y, Mg-1Y and Mg-3Y. The twin occupies fewer area as Y concentration is higher. The 

morphologies of deformation twins in 5.0% RD compressed Mg-0.2Y, Mg-0.6Y and Mg-1Y are 

similar to that in the RD compressed Mg-3Y with an applied strain larger than 5.0%. 

2.4.3. Twin area fraction (TAF) statistics 

Among all of the twin-related statistical parameters, the twin area fraction (TAF) is a key 

parameter that can be effectively used to describe twin evolution. It should be noted that the TAF 

is expected to represent the twin volume fraction (TVF) from a two-dimensional characterization 

of EBSD according to stereology [78]. Figure 2.6(a) and Table 2.4 shows the TAF evolution 

output by METIS and SQL database. To understand how the increasing trend of the TAF, a 

relative increasing rate is defined as 
∆𝑇𝐴𝐹

∆𝜀𝑝𝑙∙(1−𝑇𝐴𝐹)
 and given in Table 2.4, where 

∆𝑇𝐴𝐹

∆𝜀𝑝𝑙
 is a 

differential quotient showing the average rate of change in TAF between the current and the 

previous strain. (1 − 𝑇𝐴𝐹) in the denominator denotes that this relative increasing rate is with 

respect to the region which is not the twin at the previous strain level. It turns out that 
∆𝑇𝐴𝐹

∆𝜀𝑝𝑙∙(1−𝑇𝐴𝐹)
 

changes for different stages during the deformation – it is relatively lower during three stages: 

(1) below ~0.6% plastic strain when the plastic deformation onsets and the {101̅2} twins just 

start to nucleate; (2) when the plastic strain is between ~3.8% and ~5.6% and the twins begin to 

intersect with each other; (3) when the plastic strain is above ~7.3% and the twins saturate plenty 

of grains. 
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In recent years, a few publications have contributed to building an analytical model for TVF 

evolution [70,79]. A model featuring the exponential decay of the area of the “untwinned” region 

has been reported by assuming the TVF increasing rate is proportional to the area of the 

“untwinned” region. In other words, under this assumption it is equally probable for twins to 

form in any “untwinned” area during an infinitesimal strain increment ∆ε → 0. This simple 

model matches well with the experimental results of TVF evolution in extruded Mg-3Al-0.3Mn 

compressed along or perpendicular to extrusion direction [70]. However, in this study of the TAF 

evolution of RD compressed Mg-3Y, the TAF increasing rate with respect to the “untwinned” 

region, or 
∆𝑇𝐴𝐹

∆𝜀𝑝𝑙∙(1−𝑇𝐴𝐹)
 in Table 2.4, cannot be considered constant, so the exponential decay rule 

does not hold true here. One of the reasons behind this discrepancy is that the as-rolled Mg 

alloys, including Mg-3Al-0.3Mn in Ref. [70] usually have a strong basal texture, but the texture 

of as-rolled Mg-Y alloys, however, is strongly weakened by Y, as seen in Figure 2.2(d). There is 

another texture component called “rare earth texture”, which deviates from the basal pole by 

about 25° [5,80]. Grains within the texture component other than basal texture have different 

probability to twin due to the changed Schmid factor. Therefore, the “equal twinning 

probability” assumption may not be correct for Mg alloys with weak textures.  

 

Figure 2.6. The TAF evolution (a) as a function of plastic strain and (b) as a function of Y 

concentration for all four Mg-Y alloys. 
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Table 2.4. TAF and %PSABT for RD compressed Mg-3Y at six different strain levels. 

Nominal strain 1.5% 3.0% 5.0% 7.0% 9.0% 11.0% 

Plastic strain 0.6% 1.8% 3.8% 5.6% 7.3% 9.1% 

TAF 2.8% 12.1% 25.4% 33.0% 42.6% 46.2% 
∆TAF

∆εpl
⁄  4.67 7.75 6.65 4.22 5.65 2.00 

∆TAF
∆εpl ∙ (1 − TAF)⁄  4.67 7.97 7.57 5.66 8.43 3.48 

%PSABT 21.1% 30.4% 29.8% 26.5% 23.9% 19.9% 

 

Here we define another value, plastic strain accommodated by twins (PSABT), which is also 

included in Table 2.4 and Figure 2.6(a). This parameter takes the plastic strain accommodation 

by {101̅2} twins along the compression direction (i.e., RD in this study) into account, while the 

TAF is a summation of the twin area and is not necessarily mechanically meaningful. PSABT is 

calculated by the following method. The strain tensor induced by twinning in the local 

coordinate system of the {101̅2} twin is first converted into the sample coordinate system. One 

can execute a weighted sum of the RD strain accommodated by each twin, using the area as the 

weight since it is assumed that the plastic strain accommodated by one twin is proportional to its 

area. Accordingly, the percentage of plastic strain accommodated by twin (%PSABT) is defined 

by normalizing PSABT by plastic strain of the sample. As the deformation continues, %PSABT 

will firstly increase to a constant value and then goes down as the strain exceeds ~7%. The trend 

indicates that: (1) there is a threshold plastic strain level before 1.8% at which the nucleation and 

propagation of the deformation twin is suppressed ; (2) between 1.8% and 3.8% plastic strain, a 

balance is shown between the {101̅2} twin and other plastic deformation modes (e.g., 

dislocation slip) in accommodating the plastic strain; (3) after 5.6% plastic strain, the plastic 

strain accommodated by the {101̅2} twin saturates as %PSABT drops almost linearly. 
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Combining the trends of TAF and %PSABT, it is found that the increase in the TAF does not 

necessarily mean another increase in the plastic strain accommodation. 

Figure 2.6(b) gives the TAF of 5.0% RD compressed Mg-0.2Y, Mg-0.6Y, Mg-1Y and Mg-3Y. 

Both the TAF and %PSABT decrease monotonically with increasing Y concentration, which 

indicates the addition of Y would suppress deformation twinning as well as its capability to 

accommodate plastic strain. To accommodate the same amount of total strain, more dislocation 

slip is expected for Mg-Y alloys containing more Y. 

2.4.4. The effect of grain size and grain boundary perimeter on twinning probability 

Deformation twins are usually not homogeneously distributed in polycrystal Mg due to the 

variation of local microstructure, such as varied grain sizes. It has been broadly reported that 

larger grains will prefer the formation of twins in Mg and Mg alloys [23,81–83]. This effect may 

also be attributable to the longer grain boundary perimeter of larger grains.  

To validate the grain size effect in Mg-Y alloys, Figure 2.7 illustrates the probability that the 

grain has at least one {101̅2} twin as a function of grain size for Mg-3Y at the five different 

strain levels. It clearly shows the positive correlation between grain size and twinning 

probability, despite the difference in strain levels. When the true strain is larger than 5.0% 

(shown in Figure 2.7(c)), the twinning probability in each grain group does not further increase 

with the applied strain, indicating that the grains without twins at 5% true strain may not be able 

to generate twins even if the strain increases. Figure 2.8 shows the same positive correlation 

between grain size and twinning probability among the four Mg-Y alloys, while as a result of the 

lower activity of deformation twins in Mg-Y alloys with higher Y concentration, Mg-1Y and 

Mg-3Y show lower twinning probability for the same grain group. Comparing with the same 
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statistics performed in 3% TD compressed pure Mg [23], our results are in conflict with the 

reported zero correlation between grain size and the probability of observing at least one twin 

inside the grain. Though further studies are needed to reveal the reason behind this contradiction, 

it may show a significant difference between the twin evolution in pure Mg and Mg-Y alloys. 

 

Figure 2.7. Total grain counts and twinned grain (i.e., grains that have at least one twin in it) 

counts as a function of the grain area in RD compressed Mg-3Y by a total strain of (a) 1.5%; (b) 

3.0%; (c) 5.0%; (d) 7.0% and (e) 9.0%. Grains equal to or smaller than 20 µm2 are discarded. 

The twin probability in grains within the grain area range of each rectangle in the histogram is 

illustrated by the line and symbols. 
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Figure 2.8. Total grain counts and twinned grain (i.e., grains that have at least one twin in it) 

counts as a function of the grain area in 5.0% RD compressed (a) Mg-0.2Y; (b) Mg-0.6Y; (c) 

Mg-1Y and (d) Mg-3Y. Grains equal to or smaller than 20 µm2 are discarded. The twin 

probability in grains within the grain area range of each rectangle in the histogram is illustrated 

by the line and symbols. 

 

Figures 2.9 and 2.10 illustrate the twinning probability as a function of grain boundary perimeter 

for Mg-3Y at the five different strain levels and among the four Mg-Y alloys, respectively. 

Interestingly, a better monotonicity is observed for the positive correlation between grain 

boundary perimeter and twinning probability, except for the perimeter range where data size is 

not large enough due to the sample microstructure (i.e., > 300 µm). This indicates that grain 

boundary perimeter may be a better parameter to determine the twinning probability, rather than 

grain size. This finding also agrees with the theory that stress concentration and the profuse pre-

existing defects in the vicinity of grain boundaries boost twin nucleation and growth [84]. 
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Figure 2.9. Total grain counts and twinned grain (i.e., grains that have at least one twin in it) 

counts as a function of grain boundary perimeter in RD compressed Mg-3Y by a total strain of 

(a) 1.5%; (b) 3.0%; (c) 5.0%; (d) 7.0% and (e) 9.0%. Grains equal to or smaller than 20 µm2 are 

discarded. The twin probability in grains within the grain area range of each rectangle in the 

histogram is illustrated by the line and symbols. 
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Figure 2.10. Total grain counts and twinned grain (i.e., grains that have at least one twin in it) 

counts as a function of grain boundary perimeter in 5.0% RD compressed (a) Mg-0.2Y; (b) Mg-

0.6Y; (c) Mg-1Y and (d) Mg-3Y. Grains equal to or smaller than 20 µm2 are discarded. The twin 

probability in grains within the grain area range of each rectangle in the histogram is illustrated 

by the line and symbols. 

 

2.4.5. Double twinning area fraction 

Double twinning is a phenomenon in which one or more secondary twins form inside a primary 

twin [45,46]. In the samples we studied, only one type of double twinning, {101̅1}-{101̅2}, is 

observed. Figures 2.11(a) and 2.11(b) show the {101̅1}-{101̅2} secondary twin area fraction 

among the six strain levels of Mg-3Y and among the four Mg-Y alloys, respectively. An abrupt 

increase in the secondary twin area fraction is revealed after the total strain reaches 9.0%. In all 

four Mg-Y alloys, no significant variation of this fraction is shown. In summary, double 

twinning activity seems to be dictated by the strain level. 

 

Figure 2.11. {10-11}-{10-12} secondary twin area fraction evolution (a) as a function of plastic 

strain and (b) as a function of Y concentration for all four Mg-Y alloys. 

 

2.4.6. Twin boundary misorientation 

Ideally, the misorientation of a coherent {101̅2} twin boundary is approximately 86.3° <112̅0>. 

However, in practice, defects interacting with or in the vicinity of the twin boundary may lead to 
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the loss of coherency and therefore deviate the actual misorientation from the ideal value [85,86]. 

As a result, the deviation is a measure of how many defects are near the twin boundary. Figures 

2.12 and 2.13 illustrate the misorientation angle deviation distribution as well as the mean 

deviation angle among the five strain levels of Mg-3Y and among the four Mg-Y alloys, 

respectively. Figure 2.12 shows a larger mean deviation as the compressive strain increases since 

the fraction of twin boundaries with a small deviation angle decreases. Figure 2.13 highlights a 

smaller misorientation deviation in Mg-3Y, while the similar mean deviation angles are observed 

in the other three Mg-Y alloys. This difference indicates that dislocation absorption and 

transmutation may be less active near the twin boundary in Mg-3Y. 

 

Figure 2.12. The angle deviation of {10-12} twin boundary misorientation from the ideal 86.3° 

<11-20> in RD compressed Mg-3Y by a total strain of (a) 1.5%; (b) 3.0%; (c) 5.0%; (d) 7.0% 
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and (e) 9.0%. Twin boundaries shorter than 10 µm are discarded. The average deviation angle is 

labeled in each subfigure. 

 

 

Figure 2.13. The angle deviation of {10-12} twin boundary misorientation from the ideal 86.3° 

<11-20> in 5.0% RD compressed (a) Mg-0.2Y; (b) Mg-0.6Y; (c) Mg-1Y and (d) Mg-3Y. Twin 

boundaries shorter than 10 µm are discarded. The average deviation angle is labeled in each 

subfigure. 

 

2.4.7. Twin aspect ratio 

The twin aspect ratio is a quantitative indicator of the twin morphology and is defined by METIS 

as the ratio between a twin’s length and thickness. The length/thickness is estimated as four 

times the square root of the largest/smallest eigenvalue of the covariance matrix [52]. This 

covariance matrix gives the covariance between each coordinate (i.e., x and y coordinate) of 

pixels within the {101̅2} twin. Figures 2.14 and 2.15 illustrate the aspect ratio distribution as 

well as the mean aspect ratio among the five strain levels of Mg-3Y and among the four Mg-Y 

alloys, respectively. The large aspect ratio at lower strain levels indicates that most {101̅2} twins 

have a lenticular shape as shown by the EBSD micrographs. As deformation continues, twins 
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may grow along the other dimension (i.e., thicken) and therefore lower down the aspect ratio. On 

the other hand, still Mg-3Y is different from the perspective of the aspect ratio – its mean value 

appears to be larger and is indicative of slower twin thickening. 

 

 

Figure 2.14. The aspect ratio of the observed {10-12} twins in RD compressed Mg-3Y by a total 

strain of (a) 1.5%; (b) 3.0%; (c) 5.0%; (d) 7.0% and (e) 9.0%. Twins equal to or smaller than 20 

µm2 are discarded because lengths and thicknesses are hard to estimate for these small twins. 

The average aspect ratio is labeled in each subfigure. 
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Figure 2.15. The aspect ratio of the observed {10-12} twins in 5.0% RD compressed (a) Mg-

0.2Y; (b) Mg-0.6Y; (c) Mg-1Y and (d) Mg-3Y. Twins equal to or smaller than 20 µm2 are 

discarded because lengths and thicknesses are hard to estimate for these small twins. The average 

aspect ratio is labeled in each subfigure. 

 

2.5. Discussion 

2.5.1. Schmid factor statistics 

There are six Schmid factors for the {101̅2} twin for each grain corresponding to the six twin 

variants. Though the Schmid factor is only geometrically calculated based on the crystallography 

and macroscopic loading direction, it is still an essential parameter in predicting whether the 

deformation twin will nucleate under polycrystal plasticity by transforming the full stress tensor 

into a shear stress along the twinning direction [24]. It is also efficient to convert the crystal 

orientation information, which must be described in three independent parameters, into a Schmid 

factor, which is a lower dimensional parameter.  

It has been statistically shown that in polycrystal Mg the higher Schmid factor of a specific 

twinning system is, the larger the formation probability of that twinning system will be [23]. In 
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this study, we will re-validate this relationship. Figures 2.16 and 2.17 illustrate the fraction of 

Schmid factor ranking based on the variants of each observed {101̅2} twin among the five strain 

levels of Mg-3Y and among the four Mg-Y alloys, respectively. While they validate that the twin 

variant with a larger Schmid factor is preferred, it also indicates that the Schmid factor is not 

deterministic in variant selection since twins that correspond to lower Schmid factor ranking 

(mainly 3rd and 4th) are still possible to form for data acquired from all samples. Another feature 

of these figures is that the Schmid factor ranking can be categorized in three pairs, which are the 

largest and 2nd, 3rd and 4th, 5th and smallest. Roughly, the twin number fractions for the three 

pairs follow the ratio of 80%:20%:0%. The fraction difference within each pair is the most 

significant variation among all these figures – the difference is larger when the imposed strain 

increases regardless of Y concentration. It can be found that each pair mostly corresponds to co-

zone twins due to geometrical relationships of co-zone twin pairs. Consequently, this feature 

results from the more deterministic co-zone variant selection under larger strain levels.  
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Figure 2.16. The {10-12} twin number fraction based on its Schmid factor ranking among all the 

possible six twin variants in RD compressed Mg-3Y by a total strain of (a) 1.5%; (b) 3.0%; (c) 

5.0%; (d) 7.0% and (e) 9.0%. Twins that are inside grains equal to or smaller than 20 µm2 are 

discarded for statistics. 
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Figure 2.17. The {10-12} twin number fraction based on its Schmid factor ranking among all the 

possible six twin variants in 5.0% RD compressed (a) Mg-0.2Y; (b) Mg-0.6Y; (c) Mg-1Y and (d) 

Mg-3Y. Twins that are inside grains equal to or smaller than 20 µm2 are discarded for statistics. 

 

Figures 2.18 and 2.19 illustrate the Schmid factor values for each {101̅2} twin among the five 

strain levels of Mg-3Y and among the four Mg-Y alloys, respectively. The Schmid factor value 

distribution looks more intuitive – at lower strain levels, generated {101̅2} twins mostly have a 

large Schmid factor value (i.e., > 0.3) while at larger strain levels, those with a lower or even 

negative Schmid factor value may be possible to form. Similar to the trend shown in Figure 2.17, 

Y concentration does not significantly affect the Schmid factor value distribution.  

 

Figure 2.18. The Schmid factor distribution of the observed {10-12} twins in RD compressed 

Mg-3Y by a total strain of (a) 1.5%; (b) 3.0%; (c) 5.0%; (d) 7.0% and (e) 9.0%. Twins that are 

inside grains equal to or smaller than 20 µm2 are discarded for statistics. 
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Figure 2.19. The Schmid factor distribution of the observed {10-12} twins in 5.0% RD 

compressed (a) Mg-0.2Y; (b) Mg-0.6Y; (c) Mg-1Y and (d) Mg-3Y. Twins that are inside grains 

equal to or smaller than 20 µm2 are discarded for statistics. 

 

2.5.2. Grain categorization by the Schmid factor 

2.5.2.1. For the Mg-Y alloys RD compressed by 5.0% 

It is intuitive that different grains with different crystal orientation with respect to the loading 

direction do not behave in a similar manner upon deformation and therefore have a distinct 

twinning activity. Consequently, grain categorization can help deconvolute their relative impact 

on twinning. An effective grain categorization criterion is their maximum Schmid factors of 

{101̅2} twin. Though the Schmid factor is a simplified description of the crystal orientation of 

grains with respect to the ease of {101̅2} twin nucleation, it is still proven both by this work in 

section 2.5.1 and others [23,73] that a positive correlation holds between Schmid factor value 

and twin probability. In this study, the grains with a highest Schmid factor value larger than 0.1 

are categorized into 4 groups, 0.1-0.2, 0.2-0.3, 0.3-0.4 and 0.4-0.5. Those with lower Schmid 
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factor values are left out since there may not be abundant amount of the {101̅2} twins inside 

them to enable a reasonable statistical analysis. The categorization of all grains allows for an 

analysis of {101̅2} twinning activity within each grain group and helps answer the question: 

which factor, the weakened basal texture or the hardening modulated by higher Y concentration, 

further lowers down the TAF in Mg-3Y? 

Figure 2.20(a) illustrates the area fraction for grains from each group and shows that the 

weakened basal texture, or so-called rare earth texture is shown by a lower area fraction of grains 

with larger Schmid factors (i.e., > 0.3). Figure 2.20(b) shows the TAF evolution by each grain 

group among the four Mg-Y alloys. The TAF is significantly lower in Mg-3Y, regardless of the 

grain group. Comparing Mg-0.6Y with Mg-3Y (since they have similar grain sizes), the four 

grain groups in Figure 2.20(b) contribute almost 100% of the total TAF for both (35.7% out of 

36.1% for Mg-0.6Y and 25.2% out of 25.6% for Mg-3Y). If supposing Mg-3Y have the same 

texture and therefore the same area fractions for each grain group as Mg-0.6Y, these four grain 

groups will have an aggregated TAF of 28.5% instead of 25.2%. On the other hand, if Mg-3Y 

has the TAF for each grain group as high as that of Mg-0.6Y, it will give an aggregated TAF of 

31.7%.  

A similar comparison can also be done between Mg-1Y and Mg-3Y. If we assume their textures 

are the same, these four grain groups in Mg-3Y will give an aggregated TAF of 25.1%, which is 

approximately equal to the original aggregated TAF for these four grain groups of Mg-3Y and 

indicates their textures are alike. The TAF difference is solely attributed to, again, the different 

hardening behavior resulted from the higher Y concentration in Mg-3Y, because if Mg-3Y has 

the group-by-group TAFs as high as that of Mg-1Y, the aggregated TAF for Mg-3Y will reach 

32.8%. Clearly, while the two factors both play a role, the lower TAF for each grain group 
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induced by different hardening behavior and the higher Y concentration is more essential in 

determining the lower TAF inside Mg-3Y. 

 

Figure 2.20. (a) The area fraction for each grain group categorized by the highest Schmid factor 

for {10-12} variants in that grain; (b) The group-by-group and the total TAF for all the four Mg-

Y alloys. SF in the figure means Schmid factor. 

 

2.5.2.2. For Mg-3Y RD compressed at six different strain levels 

Following the same grain categorization strategy, we can also perform a similar analysis for Mg-

3Y RD compressed at six different strain levels. Figure 2.6(a) and Table 2.4 have indicated that 

the TAF evolution cannot be described by a simple exponential decay model possibly due to the 

rare earth texture of Mg-3Y. Now the question to be answered becomes, if grains are categorized 

by a descriptor of twinning probability (e.g., the Schmid factor), whether it is possible to find out 

some correlations between the TAF in each group and the applied strain. 

Figure 2.21(a) illustrates the area fraction for each grain group from Mg-3Y. Figure 2.21(b) 

follows with the TAF evolution by each group as well as the entire sample as a reference. Except 

for the grain group with the Schmid factor ranged from 0.4 to 0.5, the increase of the TAF 

appears to have two steps: after 7.0% true strain at which the twin-twin intersection becomes 

more frequent, the increasing rate is higher. The exception can be explained by the limitation of 



 

49 

 

EBSD characterization: Figure 2.21(a) shows a lower area fraction for the grain group with the 

Schmid factor ranged from 0.4 to 0.5, which reveals that the fully twinned grain fails the 

detection of grains and twins due to the disappearance of twin boundaries as the twin saturates 

the entire grain. Considering this artifact, the same two-step increasing trend should hold true for 

all grain groups. However, more data are needed to validate this two-step linear relationship. We 

argue that it is challenging to mathematically describe the TAF evolution for each group on the 

basis of a fundamental function.  

 

Figure 2.21. (a) The area fraction for each grain group categorized by the highest Schmid factor 

for {10-12} variants in that grain; (b) The group-by-group and the total TAF for RD compressed 

Mg-3Y at six different strain levels. SF in the figure means Schmid factor. 

 

2.5.3. Twin-twin intersection analysis through TTB statistics 

Before TTB statistics is discussed, 3 types of TTB in Mg are defined. As is shown in the inset of 

Figure 2.22(a), the six twin variants of {101̅2} twin is labelled as V1, V2, …, V6. The boundary 

between the oppositely aligned twin variant (e.g., V1 and V4) is defined as co-zone TTB; the 

boundary between the closest aligned twin variant (e.g., V1 and V2) is called 1st type non-co-zone 

TTB; the boundary between the second closest aligned twin variant (e.g., V1 and V3) is defined 

as 2nd type non-co-zone TTB. Again, the threshold misorientation angle to detect the type of the 

boundary is set to be 5°. 
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Figures 2.22(a) and 2.22(b) reveal the TTB length fraction among the six strain levels of Mg-3Y 

and among the four Mg-Y alloys, respectively. Generally, the twin-twin intersections begin to 

occur at an early stage of the deformation, indicated by the non-zero TTB length fraction for all 

data points. For Mg-3Y, it appears that the co-zone twin-twin intersection is only dominant at 

lower strain levels and the highest strain level, while the 1st type non-co-zone TTB is more 

profuse as the true strain increases before 11.0%. What is more, the two types of non-co-zone 

TTB are not equivalent, and the 1st type is always preferred. For each Mg-Y alloy strained to 

5.0%, the TTB length fractions are quite similar, except for a significant fraction drop for the co-

zone TTB of Mg-3Y. While the mechanism for this observation is not clear on the basis of 

statistical analysis, the low TAF and fewer twin-twin interactions in Mg-3Y are likely to be 

important factors. 

 

Figure 2.22. Boundary fractions by length for co-zone TTB, 1st type non co-zone TTB, and 2nd 

type non co-zone TTB in (a) RD compressed Mg-3Y at six strain levels and (b) four different 5% 

RD compressed Mg-Y alloys. 

 

2.6. Conclusions 

This chapter described a systematic statistical study of {101̅2} twin behavior at the micrometer 

level using large datasets acquired by EBSD and processed by METIS. The effect of the 

compressive strain along RD and Y concentration on features like the twin area, the twin count, 
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twin morphology, and grain size dependency of twinning probability etc., have been examined. 

Key conclusions are summarized as below: 

1. The TAF evolution follows a more complicated multi-step trend rather than the model 

describing the evolution of the “untwinned” area fraction using exponential decay in heavily 

textured Mg alloys.  

2. The indicator %PSABT shows that the {101̅2} deformation twins are the most active in 

accommodating the plastic strain within the plastic strain range from ~2% to ~4%, before 

profuse twin-twin interactions happen. 

3. The positive correlation between grain size and the probability of observing at least one twin 

in the grain holds for all strain levels of Mg-3Y and all Mg-Y alloys studied. On the other hand, 

grain boundary perimeter appears to be a better predictor for this twinning probability. 

4. Both twin aspect ratio and twin boundary misorientation statistics reveal that twin thickening 

and dislocation absorption at twin boundaries occur slower in Mg-3Y, because of a lower TAF 

and relatively sluggish twin growth.  

5. The twinning prediction and the twin variant selection based on the Schmid factor are 

reasonable but not absolutely correct. For the twinning prediction, most generated {101̅2} twins 

have a large Schmid factor value, but it is still possible for the twins with lower Schmid factor 

values to form, especially at higher strain levels. For the twin variant selection, it is found that 

approximately the twin number fraction for the three twin variant pairs containing the two 

mutually co-zone variants with largest Schmid factor values, with the 3rd and 4th largest Schmid 

factor values and with the lowest Schmid factor values, respectively, follow the ratio of 
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80%:20%:0%. As the applied strain increases, the twin variant with a larger Schmid factor in the 

co-zone twin pair will be preferable. 

6. The grain categorization by the Schmid factor reveals that the higher Y concentration plays a 

more important role in determining the lower TAF inside Mg-3Y than the weakened texture.  

7. A preliminary twin-twin intersection analysis through TTB statistics shows the higher 

frequency of the co-zone and the 1st type non-co-zone twin-twin intersections in Mg-3Y. 

8. EBSD is potentially a promising data source to execute high-throughput statistical studies that 

requires a substantial size of the dataset.  

As an outlook for future work, it will be interesting to apply other statistical analysis tools, such 

as machine learning to build a multiple-to-one correlation that enables a direct prediction of 

whether a given grain with known characteristics (e.g., grain size, misorientations of grain 

boundaries, etc.,) will be favorable for twin nucleation. Also, for the many correlations 

established in this work, it will also be necessary to identify the mechanisms responsible using 

other theoretical and characterization methods, such as stress-field simulations. 
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Chapter 3: Room Temperature Deformation-induced Solute Segregation and its Impact on 

Twin Boundary Mobility in a Mg-Y Alloy 

 

 

3.1. Abstract 

The mechanical behavior of alloys is influenced by segregation of solute atoms, which affects 

deformation mechanisms, such as slip and twinning. In this study, we report on an atomic-scale 

investigation into room temperature, deformation-induced solute segregation in a Mg-Y alloy. 

High concentrations of Y were observed at the dislocation cores. In addition, we found that 

{1012} twins were bounded by coherent twin boundaries and basal-prismatic facets, which 

contained periodic segregation of Y-rich columns and nano-sized Y-rich clusters, respectively. 

The observed segregation arrangement was energetically attributed to the fact that it minimizes 

the overall lattice distortion and is kinetically assisted by the dynamic interaction between solute 

atoms and crystallographic defects and the slip-twin interaction during plastic deformation. 

Moreover, segregated Y atoms exert a pinning effect and lead to anisotropy on the mobility of 

twin boundaries. This finding offers a potentially new alloy design path to control the 

mechanical response of Mg alloys 

 

3.2. Introduction 

The discovery of new materials to meet the ever-changing industrial demands is often achieved 

through alloying. In the past few decades, this effort has been extensively applied to Mg, which 

holds significant potential for lightweight structural applications. Because of its hexagonal close 
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packed crystal structure, Mg has inherent plastic anisotropy, typically leading to insufficient 

room temperature formability. The active slip modes in Mg are largely confined to its close-

packed basal planes, without easy slip systems to accommodate deformation in the c-direction 

[77,87–91]. {1012} twinning can be activated to accommodate strain along c-axis tension, 

making it an important deformation mechanism in Mg in addition to dislocation slip [92–94]. It 

has been well documented that the addition of alloying elements, particularly dilute 

concentrations of rare earth elements, such as Y [95–99] or Ce [100,101], can dramatically 

weaken the crystallographic texture and simultaneously improve the formability and strength of 

Mg. Such an effect has been attributed to the influence of solute atoms on the flow stresses and 

relative activities of different slip and twinning modes. Elucidating the fundamental mechanisms 

by which alloying elements affect slip and twinning is critical for the design of new advanced 

Mg alloys.  

One important question concerns the spatial distribution of alloying elements. Most studies 

modeling solute strengthening in Mg include assumptions that the alloying addition stay in solution 

and are randomly distributed in dilute alloys without considering the potential for rearrangement 

during plastic deformation [102–104], although the diffusion of solute atoms to the elastic strain 

field of dislocations, a phenomenon known as strain aging, has been reported in a wide range of 

material systems [105–107]. Besides dislocations, high-angle annular dark-field scanning 

transmission electron microscopy (HAADF-STEM) results have demonstrated that solute atoms, 

e.g., Gd, Ag, Zn and Al, can segregate on coherent twin boundaries (CTBs) in Mg alloys after 

annealing [20,21,108–110]. Such segregation increases the thermal stability and hinders the 

motion of CTBs [20,21]. However, compared to solute segregation observed after annealing, 

deformation-induced TB segregation at room temperature [35] and its impact on the mechanical 
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behavior and microstructural evolution of Mg alloys have not been explored. Moreover, both 

experimental [111–113] and simulation [35,37,112–115] studies have demonstrated the potential 

importance of basal-prismatic (BP) facets on {1012} twin boundaries (TBs) during twin growth; 

however, segregation of solute atoms to such facets and its impact on the energetics associated 

with {1012} TB migration have not been investigated. To address this lack of understanding, we 

report on the segregation of solute atoms to dislocations and faceted {1012} TBs, composed of 

CTBs and BP facets, in a Mg-Y binary alloy that has been deformed at room temperature without 

subsequent annealing. High-resolution STEM and atomistic modeling were combined to 

investigate the distribution and pinning effects of segregated Y atoms, shedding light on a 

mechanism by which alloying affect the subsequent mechanical behavior of Mg. 

 

3.3. Experimental Methods 

The starting material is a pre-rolled and fully recrystallized single-phase Mg-3 wt.% Y (Mg-3Y) 

alloy, provided by Helmholtz-Zentrum Geetchacht, Germany. The alloys were cast with high-

purity Mg and pure Y, as described in previous studies using similar materials [116,117]. The 

sample was sectioned into 4×4×6 mm cuboids and quasi-statically compressed at room 

temperature along the rolling direction (RD) to ~2% plastic strain. Energy dispersive X-ray 

spectroscopy (EDS) and electron backscattered diffraction (EBSD) were performed using a Tescan 

GAIA3 scanning electron microscope, equipped with an Oxford Aztec Energy Advanced EDS 

System and an AztecHKL NordlysMax2 EBSD system. EDS of the starting material (Figure 

3.1(a)) estimates the weight percent of Y is approximately 3 wt.%, which is consistent with its 

nominal composition. EBSD maps show the starting material (Figure 3.2(a)) has equiaxed grains 
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with an average size of ~26 µm and is free of twins, while profuse newly formed lenticular-shaped 

{1012} twins were observed after compression (Figure 3.2(b)), with a twin area fraction of ~9.2%. 

To prepare specimens for STEM observation, the compressed Mg-3Y was sectioned parallel to the 

RD, mechanically polished and chemically etched by a nital solution. The thin foils were ion milled 

to electron transparency at cryogenic temperature. A double aberration-corrected JEOL JEM-

ARM300F TEM operated at 300 kV was used for microstructure and chemical analyses. For 

HAADF-STEM imaging, a 35-pA probe current and 6-cm camera length were used, with the inner 

and outer collection angles being 106 and 180 mrad, respectively. 

 

Figure 3.1. (a) SEM EDS spectrum of Mg-3Y and the calculated weight percent quantification 

results. (b) HAADF-STEM of undeformed Mg-3Y, showing no Y-rich clusters before 

deformation. 

 

3.4. Results and Discussion 

Figure 3.1(b) shows a representative HAADF-STEM image of the undeformed Mg-3Y sample. 

No Y-rich nanoclusters exist in the starting material. Figure 3.2(c) shows an annular dark field 

(ADF)-STEM image of a representative TB in the deformed Mg-3Y. The inset in the figure is the 

Element Line type Weight%

Mg K series 94.72

Y L series 2.96

O K series 2.31

Total 100.00

(a) (b)
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corresponding fast Fourier transform image showing the {1012}  twin-matrix orientation 

relationship. The STEM-EDS map using K lines signals of Mg and Y (Figure 3.2(d)) for the same 

region as Figure 3.2(c) shows the enrichment of Y along the {1012} TB.  

 

 

Figure 3.2. Grain orientation maps of the Mg-3Y sample (a) before compression and (b) after 

~2% plastic compressive strain, at room temperature, along the rolling direction. (c) ADF-STEM 

image of a {10-12} twin boundary. Inset is the corresponding fast Fourier transform image 

showing the {10-12} twin-matrix orientation relationship. (d) STEM-EDS of the same region as 

(a) showing the segregation of Y at the twin boundary. 
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Atomic-resolution HAADF-STEM images in Figure 3.3 show the detailed microstructure of 

deformation-induced Y segregation in Mg-3Y at dislocations and along {1012} TBs. Figure 3.3(a) 

along a <12̅10> zone axis shows a low-angle tilt boundary formed by an array of dislocations. The 

Burgers circuit for these dislocations yields a Burgers vector that appears to be 1/2<101̅0> which 

is most likely the projection of 1/3<112̅0>, the Burgers vector of the most common basal 

dislocations in Mg alloys [77,87–91]. Less than 10 layers of brighter atomic columns are observed 

on the side of basal dislocation cores that experience tensile strain, suggesting the segregation of 

a heavier element, i.e., Y, at the dislocation cores. The STEM-EDS map in Figure 3.3(b) confirms 

Y segregation at the dislocation cores. While basal dislocations are shown here, we note that Y 

segregation may occur near other dislocations as well, including those whose Burgers vectors 

contain a <c> component. Diffusion of Y atoms with larger metallic radius than Mg [118] towards 

dislocations is thermodynamically driven by the volume misfit of the Y atoms and stress field 

created by the dislocations. This phenomenon is expected to hinder the motion of dislocations, 

which could influence the strength and texture evolution in Mg alloys. 

High-resolution STEM analysis shows that the {1012} TBs in the RD compressed Mg-3Y often 

have serrated morphologies, containing both CTB segments and BP facets. Figure 3.3(c) shows a 

typical {1012} CTB, with a single layer of alternating brighter and darker columns. The brighter 

columns along the {1012} CTB, which are Y-rich, are located on the sites with larger volumes 

than that in the perfect Mg crystal, while darker columns are at the adjacent sites with smaller 

volumes, as schematically illustrated in the figure in Figure 3.3(d). Although such segregation has 

not been previously reported in Mg alloys deformed at room temperature, the presence of periodic 

Y segregation patterns along CTBs in the current study is consistent with that reported in deformed 

and annealed Mg-Gd [20], Mg-Zn [20], and Mg-Ag [110] alloys. Moreover, along a serrated 



 

59 

 

{1012} TB shown in Figure 3.3(e) that contains {1012} CTB segments (marked by red lines) and 

BP facets (marked by blue lines), Y-rich clusters were observed on the BP facets. The diameters 

of the Y-rich clusters on BP facets were measured from HAADF-STEM images taken along the 

<112̅0> zone axis. The sizes of these clusters range from less than 1 nm to ~4 nm, with an average 

size of 2 nm. Compared to segregation of solute atoms to CTBs, there are far fewer reports about 

segregation and clustering on BP facets. For the atomistic simulations that show the segregation 

tendency of a single Y atom to lattice sites near the BP facet and the influence of segregated Y on 

the twin boundary mobility, readers are referred to [119] for more information. 
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Figure 3.3. Y segregation at atomic resolution in the Mg-3Y after deformation at room 

temperature. (a) HAADF-STEM image of Y segregation at the tensile regions of <a>-type 

dislocation cores along a low-angle prismatic tilt boundary. (b) STEM-EDS of the same region 

as (a). (c) HAADF-STEM image of Y segregation at a {10-12} coherent twin boundary segment. 

The schematic image in (d) shows the atomic positions of Y-rich columns on the tensile sites 

along the {10-12} coherent twin boundary. (e) HAADF-STEM image showing Y-rich clusters 
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formed at a faceted {10-12} twin boundary containing basal-prismatic facets. (f) Size 

distribution of Y-rich clusters on basal-prismatic facets. 

 

3.5. Conclusions 

In summary, deformation-induced segregation of Y was observed in a Mg-Y solid solution alloy 

after deformation at room temperature, without subsequent annealing. Atomic resolution HAADF-

STEM images show Y-rich columns at lattice dislocation cores, on the sites under tension along 

{1012}  CTBs, and clustered adjacent to BP facets. Atomistic simulations indicate that Y 

segregation on CTBs and BP facets is mainly driven by the local lattice distortion. Such Y 

segregation and clustering can hinder TB motion and lead to anisotropic mobility of faceted TBs, 

which will affect twinning-related hardening and plastic anisotropy. Our results suggest that the 

mechanical behavior and microstructural evolution in Mg alloys can be strongly affected by 

deformation-induced solute segregation. 
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Chapter 4: Influence of Non-glide Stresses on {10-12} Twin Boundary Migration in Mg 

 

 

4.1. Abstract 

Twin thickening occurs via the migration of the twin boundary during deformation and serves as 

an important mechanism for accommodating plastic strain. In principle, twin boundary migration 

is strongly affected by the local stress state.  However, the exact relationship remains unclear and 

challenging to determine experimentally. Here, we investigate {101̅2} coherent twin boundary 

migration in Mg under various stress fields by using the nudged elastic band method to calculate 

its minimum energy path and hence migration barrier. The results reveal an appreciable influence 

of non-glide stresses on coherent twin boundary migration. Specifically, a compressive normal 

stress reduces the energy barrier. We formulate a phenomenological model to describe the energy 

barrier as a function of the ratio between the shear stress and the critical resolved shear stress for 

coherent twin boundary migration and reveal that non-glide stresses can change the critical 

resolved shear stress and, consequently, the probability of coherent twin boundary migration. In 

addition, by examining the atomic mechanisms underlying coherent twin boundary migration, we 

find that the Burgers vector of the twinning disconnection observed during coherent twin boundary 

migration is smaller than the one widely reported in the literature. The energetically favorable 

configuration of this twinning disconnection varies for different non-glide stresses causing a non-

glide stress-dependent energy barrier. As a whole, this study improves our understanding of 

fundamental deformation mechanisms and enables more accurate models of twinning-induced 

plasticity. 
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4.2. Introduction 

The limited strength and low ductility of Mg and Mg-rich alloys are a direct result of their 

hexagonal close packed (hcp) structure [2]. According to the von Mises criterion, five independent 

slip systems are needed to accommodate an arbitrary shape change without cracks for a 

polycrystalline material under plastic deformation [11]. However, Mg has only four independent 

slip systems that can be easily activated at room temperature (i.e., 2 independent systems of basal 

<a> slip and 2 independent systems of prismatic <a> slip). Consequently, {101̅2} deformation 

twinning, in addition to dislocation slip, is an active deformation mechanism in Mg and has been 

shown to play a significant role in accommodating plastic strain, often determining material 

strength and ductility.  

Extension {101̅2} twins develop in multiple stages when deformation is applied, starting with twin 

embryo nucleation, then propagation of the embryo along the twinning direction into a planar-

shaped lamella, and finally thickening (growth), during which the lamella expands perpendicular 

to the twinning plane. Twin thickening involves twin boundary migration, which is generally 

assisted by nucleation and propagation of twinning disconnections (TDs). TDs are a type of 

interfacial defect that resides in the twinning plane and is described by a combination of a Burgers 

vector component, b, and a step height component, h [25,26,120]. TDs are highly mobile and can 

glide along the twin boundary, the basal-prismatic (BP) interface, and/or the prismatic-basal (PB) 

interface [38] to enable the reorientation of the crystal and, therefore, allow twin boundary 

migration to occur. 

While prior studies of twin boundary migration have involved the interaction between TDs and 

BP/PB interfaces [121,122] and the sources of TDs [36,37], it is also important to understand the 

fundamental energetics of the underlying mechanism behind the observed phenomena. For 
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example, {101̅2}  deformation twinning in Mg is dominated by atomic shuffling at room 

temperature and under normal strain rates, at least during the twin nucleation stage [62]. Other 

studies have shown that a lower energy barrier allows for easier glide of {101̅2} TDs compared to 

{101̅1} TDs [39]. By studying the energetics of TD glide, the stable configuration of TDs for each 

twinning mode can be identified [40].  

The energy barrier acts as a key parameter for the Arrhenius equation that describes the rate at 

which an event occurs [61]. Many studies have shown that the applied stress modulates the 

mobility of not only twin boundaries [123], but also grain boundaries [63]. When the twin resolved 

shear stress (TRSS) for twin boundary migration reaches a threshold value, the critical resolved 

shear stress (CRSS), migration will be spontaneous. Although the inaccuracy of twin behavior 

prediction based only on the TRSS and Schmid factor (i.e., "the non-Schmid effect") has been 

widely reported [23,73,124–128], it is usually argued that stress concentrations or other defects 

are responsible for pushing the local stress state away from the applied stress [124,125]. However, 

non-glide stresses which are not accounted for in the TRSS have been mostly ignored and excluded 

in the activation models for twinning [24,123], with only a few studies discussing the role of non-

glide stresses on deformation twinning of hcp materials [129–131]. Through an elastic continuum 

model, the influence of hydrostatic pressure on twin nucleation and propagation has been found to 

be negligible compared to that of the TRSS when they are on the same order [129]. In another 

study, it was proposed that non-glide stresses will influence the dislocation core structure before 

plastic deformation and promote deformation twinning or dislocation glide [130,131]. However, 

to date there is no systematic study to quantify the enhancement or the hinderance of non-glide 

stresses on deformation twinning. 
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In view of the above discussion, we formulate an energetic framework to study coherent twin 

boundary (CTB) migration in pure Mg. Using the nudged elastic band (NEB) method, we evaluate 

the energy barrier of this event and show how it varies not only with glide stresses but also strongly 

with non-glide stresses. Specifically, results reveal that the compressive stress significantly 

reduces the barrier for CTB migration. We formulate a phenomenological model to include the 

non-glide dependence of the energy barrier upon the applied stress field, enabling prediction of 

CTB migration under an arbitrary deformation state. We also study the CTB migration mechanism 

and highlight the importance of bulk atom displacement in addition to the boundary migration 

assisted by TDs. By structural analysis of the intermediate states, our findings suggest that the 

Burgers vector of TDs during CTB migration may not necessarily be the widely reported value 

and the energetically favored TD configuration is subject to change under a non-glide stress. 

4.3. Methods 

To study {101̅2} coherent twin boundary (CTB) migration in pure Mg, we use the Large-scale 

Atomic/Molecular Massively Parallel Simulator (LAMMPS) [55] with a modified embedded atom 

method (MEAM) potential developed by Wu et al. [132]. This interatomic potential makes robust 

prediction of {101̅2} twin behavior because it produces the {101̅2} twin interface and the core 

structure of the {101̅2} TD which match first-principles density function theory calculations [132]. 

Figure 4.1(a) shows the simulation cell consisting of a {101̅2} CTB aligned on the xy-plane near 

the center, with visualization accomplished using OVITO [133]. Hereinafter, the region above the 

CTB is defined as the twin and that below the CTB as the matrix.  
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Figure 4.1. The atomic snapshots of the initial and final configurations (before and after twin 

boundary migration) used in the nudged elastic band (NEB) calculations. Atoms are colored 

based on different regions, i.e., matrix, twin, and coherent twin boundary. The coherent twin 

boundary (CTB) in the final configuration has migrated two atomic layers from its initial 

configuration. The shear stress τzy and the normal strain εzz can be imposed on the system, as 

indicated. 

 

The simulation box of the initial configuration contains 10,880 atoms and its dimensions are 1.27 

nm along the x-direction (i.e., [1210]), 15.14 nm along the y-direction (i.e., [1011], the twinning 

direction) and 12.71 nm along the z-direction (i.e., the normal direction to the twinning plane 

(1012)). Periodic boundary conditions (PBCs) are applied along the x- and y-directions, while a 

non-periodic and shrink-wrapped boundary condition is used in the z-direction. Figure 4.1(b) 

displays the targeted final configuration that has the same type of CTB but after the boundary has 

migrated two atomic layers with respect to the initial configuration, which is the smallest unit 

distance of CTB migration. Note that the atomic layer between the initial and the final CTB 

locations is another {101̅2}  plane with different x coordinates. Using these initial and final 

configurations, the NEB method is adopted to study the minimum energy path (MEP) of CTB 

migration at zero temperature (T = 0 K) [60].  
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By varying the shear stress and the normal strain as the two independent variables, one can evaluate 

how stress modulates the activation energy for CTB migration because the local stress at the twin 

is close to the uniformly applied stress when only the defect is isolated in the center of the 

simulation cell. Under this simulation setup, it can be assumed that the applied shear stress 

approximates the TRSS, and the applied normal strain does not contribute to the TRSS and 

therefore is the non-Schmid component that is focused on in this study. For the first set of NEB 

calculations, a constant normal strain (0% normal strain, 2% compressive strain or 2% tensile 

strain) is set for each group, while the shear stress is varied in 0.1 GPa increments until the energy 

barrier reaches zero and CTB migration becomes spontaneous. Similarly, in the other set of 

calculations, a shear stress (0, 0.3 GPa or 0.6 GPa) is kept constant for each group, while the 

normal strain is varied by increments of 1% in the range of -5% to 3%. The lower tensile strain 

limit is due to an instability of NEB algorithm under a large tensile strain. The shear stress τzy is 

applied by setting atomic forces to the top and bottom layers, and the normal strain εzz is applied 

by imposing a shape change along z to the simulation box. Due to the positioning of PBCs along 

x- and y- direction, Poisson tension/compression is not allowed, which results in normal stresses 

σxx and σyy. The magnitude of σxx and σyy is ~50% of σzz.  

NEB calculations under a pure tensile strain are performed using 32 replicas (i.e., 30 intermediate 

configurations plus 1 initial configuration and 1 final configuration) and the stress-free case using 

46 replicas. All other NEB calculations are performed with 64 replicas. Different numbers of 

replicas are chosen to attain better convergence for all the NEB calculations described in this 

chapter and this adjustment does not significantly affect the results. Before the NEB calculation 

starts, both initial and final configurations are relaxed using a conjugate gradient algorithm to make 

sure systems are at a local minimum of potential energy. 
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4.4. Stress-dependent migration path and energy barrier 

4.4.1. Stress-dependent minimum energy path (MEP) 

Figure 4.2(a) shows the normal strain-dependent MEPs of CTB migration under zero applied shear 

stress. The reaction coordinate represents the progress of CTB migration and is defined as the two-

norm of 3N-length distance vector between the atoms at the current replica and those at the initial 

replica, where N is the total number of atoms in the system. Note that in the MEPs of this work, 

the y-axis is labelled as Δ potential energy (i.e., change in potential energy) and that the absolute 

value of potential energy for these initial configurations under different applied stress is not the 

same. The energy barrier is defined as the potential energy difference between the maximum 

potential energy along the MEP and the initial potential energy, as shown in Figure 4.2(a).  

The MEP under stress-free condition is depicted by the “0% normal strain” curve in Figure 4.2(a). 

The symmetry of the MEP curve also indicates that the stress-free migration event is equally likely 

to happen also in a reverse way (i.e., CTB migrating upwards by 2 atomic layers from the final 

configuration to the initial one). The MEP curve gets “flattened” as the normal strain increases 

either way, compressive or tensile, while the curve remains nearly symmetric as long as there is 

no shear stress. The migration path flattening and decrease in energy barrier indicate the normal 

stress dependence of CTB migration. In all the MEPs illustrated in this work, two special replicas 

corresponding to TD nucleation and TD recombination are labeled. These two replicas divide the 

whole migration process into three stages. 
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Figure 4.2. (a) Normal strain-dependent minimum energy paths (MEPs) under zero applied shear 

stress as a function of reaction coordinate (RC). The replica labeled with triangle represents 

when TDs nucleation and that labeled with square represents when TDs recombine and cancel 

each other. Energy barrier in this study is defined as the energy difference between the saddle 

point and the initial local minimum. (b) Shear stress-dependent MEPs under zero applied normal 

strain as a function of reaction coordinate. An enlarged view of a few highlighted starting 

replicas including the saddle point is provided in (c). (d) Normal strain-dependent MEPs under 

an applied shear stress of 0.6 GPa as a function of RC. An enlarged view of a few highlighted 

starting replicas including the saddle point is provided in (e).  
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In Figure 4.2(b), the MEPs of CTB migration are found to vary with the applied shear stress (i.e., 

with a zero normal stress). Figure 4.2(c) enlarges the highlighted section of Figure 4.2(b). As shear 

stress increases, a potential energy difference between the initial and the final configuration 

appears. This directly results in a lower energy barrier for CTB migration and a higher energy 

barrier for the reverse migration. Therefore, CTB migration is heavily biased towards moving 

along the -z direction of the simulation box. Another important observation is that the downward 

shift of the central region of the MEP with increasing shear stress, which corresponds to 

spontaneous TD migration. 

In Figure 4.2(d), we show MEPs in which the normal strain was varied while the shear stress was 

kept constant at 0.6 GPa. Figure 4.2(e) enlarges the critical region of the MEPs delineated by a red 

box in Figure 4.2(d). The normal strain, unlike the shear stress, does not result in a significant 

energy difference between the initial and the final configuration. The compressive strain lowers 

the energy barrier for TD nucleation while the tensile strain slightly increases it compared to that 

without normal strain. The replicas where TDs nucleate have a similar reaction coordinate for all 

three normal strain levels, while the TD recombination happens later under tensile strain compared 

to the other two. 

4.4.2. Energy barrier as a function of shear stress and normal strain 

To evaluate how the stress field can affect CTB migration energy barrier, the data are presented 

from two perspectives – (1) varying the shear stress at three constant normal strain levels in Figure 

4.3(a) and (2) varying the normal strain at three constant shear stress levels in Figure 4.3(b). For 

all the three normal strain values (-2%, 0%, 2%) in Figure 4.3(a), the imposed shear stress lowers 

the energy barrier. The CRSS at which the energy barrier reaches zero is no longer a constant and 

dependent upon the applied normal strain. The compressive strain lowers the CRSS significantly 
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and therefore makes CTB migration much easier. The tensile strain only slightly increases the 

CRSS, hindering CTB migration.  

 

Figure 4.3. (a) Energy barrier of CTB migration as a function of shear stress under three different 

normal strain levels (0% normal strain, 2% compressive strain and 2% tensile strain). Fitted 

curves and the equation the fitting model follows are also given, where 𝜏𝑐 is a constant 

dependent on the imposed normal strain. (b) Energy barrier of CTB migration as a function of 

normal strain under three different shear stress levels (0, 0.3 GPa, and 0.6 GPa). 

 

Some but not all crystal plasticity (CP) models assume the shear rate caused by a certain plastic 

deformation system is proportional to the ratio of the resolved shear stress and the CRSS for that 

system via a power law relationship 

𝛾 �̇� = 𝛾0̇(
𝜏𝑟

𝑠

𝜏𝑐
𝑠)𝑛                 (4.1) 

where �̇� is the shear rate, n is a constant that is independent of applied shear and normal loading, 

𝜏𝑟 is the resolved shear stress, 𝜏𝑐 is the CRSS, and the superscript s is the notation of a given plastic 

deformation system [134,135]. In this way, the contribution of every plastic deformation system 

to the plastic flow is always considered even if its resolved shear stress is below its CRSS. This 

power-law relationship is a mathematical model inspired by the constitutive equation for 

describing non-linear viscosity [136].  
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Here in Figure 4.3(a), the ratio between the TRSS and the CRSS is also found to be correlated with 

the calculated energy barrier under different shear stress. The fitting curves show a relationship in 

the form of 

𝐸𝑏𝑎𝑟𝑟𝑖𝑒𝑟 = 𝐴 ∙ 𝑙𝑛 (
𝜏𝑟

𝜏𝑐
)                      (4.2) 

where 𝜏𝑟  is the TRSS and equal to the applied shear stress since the normal loading does not 

contribute to the TRSS [24], 𝜏𝑐 is the CRSS for CTB migration and is the x intercept of the curve 

and A is a constant. The logarithmic function best fits the relationship among all the elementary 

functions. 

For all the shear stress levels above zero in Figure 4.3(b), the imposed compressive strain decreases 

the energy barrier while the tensile strain increases the energy barrier but less significantly, expect 

for 3% tensile strain under 0.6 GPa shear stress where the energy barrier slightly decreases. The 

zero energy barriers shown in Figure 4.3(b) also indicate that the CRSS is further lowered down 

to below 0.6 GPa under 4% compressive strain and to below 0.3 GPa under 5% compressive strain. 

Briefly, Figures 4.3(a) and 4.3(b) altogether reveal the important role the compressive strain may 

play in assisting CTB migration. 

The computational results show the non-glide stress induced CRSS and CTB migration barrier 

variation. This may provide an explanation to the reported breakdown of the Schmid law from 

experiments [23,73,130]. To further reveal the shear rate dependency upon the TRSS and the 

CRSS, we assume thermal activation theory which states that an event’s probability can be 

described with an Arrhenius equation such as: 

�̇� ∝ 𝑒𝑥𝑝 (−
𝐸𝑏𝑎𝑟𝑟𝑖𝑒𝑟

𝑘𝑇
)                    (4.3) 
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where �̇� here represents the rate of CTB migration, k is Boltzmann constant, and T is the absolute 

temperature. It is also implicitly assumed that the energy barrier is independent of temperature by 

using the calculated energy barrier under a non-zero temperature. Combining Equations (4.2) and 

(3), one can reduce them to the form of Equation (4.1), which is 

       �̇� ∝ (
𝜏𝑟

𝜏𝑐
) 

𝑛
                                  (4.4) 

where n is the same constant in (1) and equal to −
𝐴

𝑘𝑇
. Table 4.1 contains the model parameters for 

three groups of calculations under different normal strains. The applied non-glide stress varies the 

CRSS value in this model, while the power n is around 5 for all groups under room temperature, 

indicating the n may be a constant for a given plastic deformation system. 

Table 4.1. Parameters in Equations (4.3) and (4.4) under different normal strain (T = 300 K, this 

temperature is chosen arbitrarily to provide a numerical value of n). 

 CRSS (GPa) A (eV) n 

0% normal strain 1.29 -0.133 5.15 

2% compressive 

strain 

0.92 -0.117 4.54 

2% tensile strain 1.38 -0.131 5.08 

 

This model matches well with the acquired data from NEB calculations with R-squared values of 

all three fittings above 0.99. The only discrepancy appears when the shear stress approaches zero. 

For Equation (4.3), mathematically one will have an energy barrier value approaching infinity if 

𝜏𝑟 stays positive but gets closer to 0, which is physically unrealistic and causes the deviation. This 

will not affect the migration rate prediction by the model too much. This is because under a shear 

stress approaching 0, the CTB migration has nearly the same probability of happening in each 

direction (i.e., migrating upwards or downwards) and the net migration is thus much less likely to 
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happen. Consequently, �̇� in Equation (4.4) should, both theoretically and via this model, be at a 

very low level in the case of 𝜏𝑟~0. 

Generally, Equation (4.4) has the same format as Equation (4.1) and the data from NEB 

calculations can even give a suggested value of the constant in the exponent of the ratio between 

the TRSS and the CRSS (i.e., n in this study) because NEB analysis correlates the energy barrier 

and the TRSS. The two scales, the TRSS through the flow rule and the energy barrier through the 

Arrhenius equation, are consistent in predicting the CTB migration event at this point. 

 

4.5. Migration mechanism and mechanistic model 

4.5.1. Migration mechanism 

In addition to the energy barrier, the NEB calculations can also reveal the intermediate states along 

MEPs, which can provide information on the CTB migration mechanism at the atomic scale. To 

demonstrate, we first consider the load-free CTB migration case to elucidate the migration 

mechanism and then introduce a case where the shear stress is applied. Figure 4.4(a) includes the 

MEP curve of the load-free CTB migration. Three stages, separated by the two events (i.e., the TD 

nucleation and the TD recombination), are labeled. Five states (replicas) denoted with A-E along 

the MEP in Figure 4.4(a) are highlighted and their atomic structures are shown in Figure 4.4(b).  
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Figure 4.4. (a) The MEP of the CTB migration under the stress-free condition. Three key stages, 

TD nucleation, and TD recombination are colored along the MEP. Five representative states 

(replicas) A-E are labeled, and their atomic structures are presented in (b). Atoms are colored 

based on their local structural environment, red: hcp, gray: boundary atoms that are not of any 

specified structure type. (c) The atomic displacement during Stage 1 (before TD nucleation) and 

Stage 3 (after TD recombination) along y direction. The unit of y displacement is 0.1 Å. 
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Replica A is the critical state right before the pair of TDs nucleates. The atomic configuration of 

the initial CTB shows that the twin boundary is flat, while the other atomic layers have the 

corrugated structure (i.e., two nearest atoms in the same atomic layer have different z coordinates) 

as shown by the atomic configuration of the twin boundary (colored in white) in Replica A of 

Figure 4.4(b). Atoms in the vicinity of the CTB remain static during stage 1, while atoms that are 

farther away from the CTB (referred to as bulk atoms) moves, as shown in Figure 4.4(c). Only the 

y displacement is plotted since it is the dominant component comparing to x and z displacements. 

The twin shear seems to happen in bulk atoms even before and after the boundary migrates. The 

collective motion of these atoms, which corresponds to a minor rise in the total potential energy 

of the system, is a prerequisite of TD nucleation and later CTB migration. This finding indicates 

that the atomic configuration in and near the CTB alone cannot fully describe CTB migration, but 

that bulk atom displacement is required. 

After the prerequisite displacement of bulk atoms, a few atoms near the TD nucleation site in the 

CTB start to move in replica B. Those atoms show the formation of a pair of TDs by shear (i.e., 

the collective horizontal displacement) and shuffle (i.e., the relative vertical displacement) of the 

two atoms. In a CTB, to conserve the Burgers vector, the TDs must nucleate in pairs. Figure 4.4(a) 

also indicates the process of TD nucleation consumes much energy though the actual atomic 

displacement and the corresponding range of reaction coordinate is relatively short. 

Theoretically the site where the TD pair nucleates in replica B should be random because every 

site on the CTB is identical given the coherency of the twin boundary and the PBC along horizontal 

direction. However, in this study, the nucleation always occurs at the edge of the simulation box, 

which may be caused by some precision-induced minor variation of the lattice parameter along the 

CTB. A comparative calculation where the CTB atom at the center of the simulation box is 



 

77 

 

displaced by a tiny distance (e.g., 0.001 Å) is also conducted. Shown by Figure 4.5, it is observed 

that the nucleation occurs at the site where the boundary atom is displaced in the CTB instead of 

the edge, while the MEP and the energy barrier value do not significantly change. Consequently, 

we do not anticipate that the exact location of the nucleation site will significantly alter the results. 

 

Figure 4.5. (a) The MEP of the CTB migration under a shear stress of 0.5 GPa before (i.e., the 

condition adopted in the above-mentioned study) and after the +0.001 Å y-displacement of an 

atom in the middle of the initial CTB. (b) The atomic configuration of the replicas where the TDs 

nucleate before and after the tiny displacement. 

 

To complete the boundary migration, each TD must propagate in opposite directions on the CTB. 

Replica C is chosen within Stage 2, TD migration. As the TD pair sweeps through, part of the 

crystal is reoriented with the final CTB growing. This process also turns the atomic layer of 

original CTB to be corrugated as other non-CTB atomic layers. Only one representative atomic 

configuration on the process of TD migration is shown in Figure 4.4(b) since the atomic 

configuration near all TDs is the same. Energetically, this process also sees a slight potential 

energy increase to the saddle point in the middle of the MEP followed by a symmetrical potential 

energy drop. Physically, the symmetry is due to the similarity in both structure and energy of the 

initial and the final configuration. The saddle point is in the middle because the interaction energy 
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increases as the two TDs  depart from each other and then decrease again as they get closer again 

[120]. 

At the end of the travel of the TD pair, one TD would finally meet the other somewhere in the 

CTB. Replica D sees the recombination of TDs. Like that in TD nucleation, the potential energy 

drops dramatically due to the restoring of the CTB structure. Moving forward, Replica E marks 

the end of CTB migration. It is observed that bulk atoms, again, displace themselves to further 

relax the energy of the system and complete the twin shear, as shown in Figure 4.4(c). 

Based on the above mechanism, there are two key events during the CTB migration process, the 

nucleation of a pair of TDs and the recombination of it. The former one marks the beginning of 

TD migration along the twinning direction, and the latter sees its end where the pair of TDs meets 

and must recombine and restore the coherency of the twin boundary.  

As highlighted in the MEPs of Figures 4.2(a), 4.2(b) and 4.2(d), all CTB migration processes under 

different applied stress will go through the processes of bulk atom displacement, TD nucleation, 

TDs migration, TD recombination, and bulk atom recovery. The similar migration mechanism also 

explains why the MEPs shown in Figure 4.2 share some common features like (1) a steeper 

potential energy rise/fall at the replicas where TDs nucleate/recombine, (2) a smooth potential 

energy change during the two stages of bulk atom displacement. However, there are still a few 

noticeable stress-induced variations to the energy pathway. Figure 4.6 shows another example of 

CTB migration, but under a shear stress of 0.5 GPa. While all these processes still exist, both TD 

nucleation and TD recombination shift to an earlier stage of the MEP under a larger shear stress 

because of a smaller energy barrier and shear stress-induced broken symmetry of the initial and 

the final configuration. Also, for all cases with a reasonably high shear stress (precisely, equal to 

or larger than 0.3 GPa), the energy barrier sits at the exact replica where a pair of TDs nucleates, 
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which means the TD migration may not consume energy and become spontaneous, as shown in 

Figure 4.6(a). Here, the applied stress field, instead of the TD interaction, significantly changes 

the energy barrier and the MEP, different from the stress-free case. Figure 4.6(b) shows the 

similarity of atomic configurations near the twin boundary. Figure 4.6(c) indicates that another 

feature, the bulk atom displacement before TD nucleation and after TD recombination still occurs, 

but with a shorter displacement especially before TD nucleation. There is also no other type of 

disconnections but only a stress-induced configuration variation observed. We need to refer to that 

structural variation of TDs to understand how the stress field makes a difference to the MEP. 
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Figure 4.6. (a) The MEP of the CTB migration under a shear stress of 0.5 GPa. Three key stages, 

TD nucleation, and TD recombination are colored along the MEP. Five representative states 

(replicas) A-E are labeled, and their atomic structures are presented in (b). Atoms are colored 

based on their local structural environment, red: hcp, gray: boundary atoms that are not of any 

specified structure type. (c) The atomic displacement during Stage 1 (before TD nucleation) and 

Stage 3 (after TD recombination) along y direction. Note that the unit of y displacement is 0.01 

Å and 0.1 Å for the left figure in (c) and the right figure in (c), respectively. 
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4.5.2. Structural variation of the CTB and the TDs upon applied load 

The stress-dependent energy barrier difference can be ultimately attributed to the structural 

variation of both the atomic structure of the CTB and the TDs upon the stress field. Before 

discussing the structural variation of the CTB, the atom numbering and the TD labeling is defined 

in Figure 4.7(a) for the clarity of discussion. Figure 4.7(b) illustrates the kite-shaped structural unit 

in the vicinity of both the initial and the final CTB, which visualizes the structural variation through 

this structural unit. 

Figures 4.7(c) and 4.7(d) both depict two neighboring structural units captured from the initial 

configuration. For Figure 4.7(c), it shows how the structural unit would vary when the applied 

shear stress increases from 0 to 1.2 GPa – as the shear stress goes up, the structural unit shears 

accordingly, while the distance between the two neighboring units remains unchanged. In this way, 

the lattice symmetry about the CTB is broken, which is the structural reason why the MEP will 

not be symmetrical about the saddle point and CTB migration downwards is energetically 

favorable. Figure 4.7(d) presents the difference of the structural unit upon different applied normal 

strains. As the normal strain goes from 5% compressive to 3% tensile, there is no net shear of the 

structural unit, and the symmetry of the CTB is kept, which is consistent with the symmetry of 

MEPs of the normal strain cases. The notable difference here is the stretch along z-direction and 

some accompanying horizontal displacements as indicated in Figure 4.7(d). To understand the 

structural variation in a quantitative manner, Figure 4.7(e) defines the relative horizontal 

displacement for atoms in the initial CTB by comparing the atom position with the imaginary atom 

belonging to the lattice below the initial CTB. 
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Figure 4.7. (a) The diagram showing a typical configuration during the CTB migration in which 

the atom number and TD A and B in (c)-(f) are defined. (b) Kite-shaped structural unit of atoms 

(outlined in black) in the vicinity of the initial CTB and the final CTB under the stress-free 

condition. The atoms represented by the filled circles have a different x coordinate than those 

represented by the open circles. (c) The evolution of one representative structural unit under 

increasing shear stress from 0 (the red atoms) to 1.2 GPa (the blue atoms); (d) The evolution of 

one representative structural unit when the normal strain goes from 5% compressive (the red 
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atoms) to 3% tensile (the blue atoms). (e) The diagram showing the CTB and its vicinity in 

which relative horizontal displacement of CTB atoms is defined. The displacement is 

exaggerated for illustrational purpose. (f) The necessary relative horizontal displacement for 

atoms in the initial CTB to move to their final positions, normalized by the length of [10-11] 

(denoted as ultimate α) as a function of shear stress; (g) Ultimate α for atoms in the initial CTB 

as a function of normal strain. 

 

Figures 4.7(f) and 4.7(g) show the necessary relative horizontal displacement normalized by the 

length of [1011] for atoms in the initial CTB, denoted as ultimate α, to move to their positions in 

the final configuration. This value should be equal to the magnitude of the Burgers vector of a full 

TD upon stress. The two figures show that the TD structure and the displacement field during the 

CTB migration will depend on the applied stress. Please note there must be two values of the 

horizontal displacement because the two neighboring Mg atoms at CTB are not equivalent from 

the perspective of crystallography. This is considered to be the structural origin of why twinning 

cannot be achieved by homogeneous shear, and atoms must shuffle [15]. 

In Figure 4.7, the structural variation of the CTB under the stress field is revealed. However, it is 

the potential energy at a few key configurations, including (1) the starting configuration, (2) the 

configuration of the saddle point (usually the one where TDs nucleate), and (3) the final 

configuration, which determines the energy barrier physically. It is found that the correlation 

between structure and energy is not that straightforward by checking the structural unit at the 3 

key configurations. For example, a larger relative horizontal displacement (i.e., the y value in 

Figures 4.7(f) and 4.7(g)) does not necessarily result in a higher energy barrier. 

Figures 4.8(a)-(d) show the relative horizontal displacement normalized by the length of [1011] 

for atoms in the initial CTB, denoted as α, under four loading conditions. At the position of TDs 

which is denoted by the red- and magenta-colored dots, α will have the same meaning as its 
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Burgers vector normalized by [1011] . The contour represents the relative atomic horizontal 

displacement value at the specific replica (x-axis) and for the specific atom (y-axis). The behavior 

for a total of 40 atoms at the initial CTB is shown. The atomic numbering and how the relative 

horizontal displacement of CTB atoms is calculated are the same as illustrated in Figures 4.7(a) 

and 7(b). The left white line labels the TD nucleation, while the right one is for the TD 

recombination. Contours in the Figures 4.8(c)-(f) are mostly serrated because of the 

nonequivalence of two neighboring Mg atoms at CTB.  

It is worth noting that the atomic displacement keeps increasing during the whole migration 

process. In other words, the reorientation of crystal from matrix to twin is not fully completed right 

after a TD passes or after TDs annihilate. It is only true that the atomic displacement increases at 

a largest rate as a TD passes that atom. The relative displacement is unable to reach the ideal value 

at a fully relaxed TD, about 
1

15
[1011], which is given by [26] 

𝒃𝑡𝑤 = 𝜆[1011], 𝜆 =
3−𝜅2

3+𝜅2                    (4.5) 

, where 𝜅 is c/a in Mg, until the final configuration of the stress-free migration. We find that the 

Burgers vectors of TDs in the intermediate states are smaller than the above theoretical value and 

no longer a constant. Consistent with the migration mechanism, there is no systematic variation of 

the relative displacement but only some value changes caused by different loading conditions, as 

shown by Figures 4.8(a)-(d). 
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Figure 4.8. The contour plots show the relative horizontal atomic displacement normalized by 

the length of [10-11] (denoted as α) of 40 atoms in the initial CTB by each replica under (a) 

stress free condition (no imposed shear stress and normal strain); (b) Pure shear stress of 0.6 

GPa; (c) a compressive strain of 2%; (d) a tensile strain of 2%. In all the contour plots, the red 

and magenta dots represent the position of two TDs, while the left white line means the replica 

where TDs nucleate and the right one means the replica where TDs recombine. Specifically, in 

(c), a few TDs A and TDs B with the non-dominant TD configuration are highlighted in green 

and purple circles and correspond to the replicas labeled in the same way in (e), the MEP under a 

compressive strain of 2%.  
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The discrepancy of the Burgers vector of TDs may be caused by the arrangement of the initial and 

final configuration. When the initial and final configurations are strictly fixed with boundary 

conditions along x and y being PBCs, it seems that the MEP will favor a steady reorientation 

instead of an abrupt one that completes as soon as TD sweeps through. This is also why bulk atoms 

would move before TD nucleation and after TD recombination. It should be noted that the TD 

configurations observed in this study are not energetically stable because the intermediate state 

they are in is not at a local potential energy minimum. Therefore, they cannot be present for a long 

period and may evolve to the commonly reported TD configuration with a Burgers vector of 𝒃𝑡𝑤 

in a fully relaxed system. However, interestingly, NEB predicts that the steady reorientation 

assisted by the energetically unstable TD could lower the energy barrier more so than the 

commonly reported TD. While this result needs verification it nonetheless opens the possibility of 

a non-conventional TD configuration during CTB migration. 

4.5.3. Two different configurations of twinning disconnections (TDs) 

From the above discussion, TDs are key to understanding CTB migration because: (1) TD 

nucleation consumes the most energy, and the replica where the pair of TDs nucleates sits at the 

saddle point for cases in the large shear stress regime; (2) the TD is the only defect other than twin 

boundary during the CTB migration process.  

The core structure of TDs can be represented by the atomic configuration near the TDs (i.e., 

relative positions of atoms). Figure 4.9 shows two different configurations of the TDs observed 

along the MEPs. Although they both have two atomic layer-high steps and similar Burgers vectors, 

the local environment of the step can be classified into two categories in Figures 4.9(a) and 4.9(b), 

denoted as configuration I and configuration II. Atoms are colored according to their local 

structural environment using the polyhedral template matching method in OVITO [137]. The red 



 

87 

 

atoms have a hcp-type environment while the gray ones are the boundary atoms which have no 

specified structure type. Following the pattern of the gray atoms, there are two atomic layers 

highlighted by green lines, which are nearly flat (i.e., all atoms in the atomic layer are with nearly 

the same z coordinate) and represent the two twin boundaries and have a TD between them. The 

structural reason for these two different TD configurations is that the two nearest-neighboring Mg 

atoms at CTB are not equivalent, and the step can be at either of them. 

 

Figure 4.9. Two prevalent TD configurations under (a) compressive strain and (b) tensile strain. 

Atoms are colored based on their local structural environment. Green and purple lines are added 

as a guide to the eyes to show the difference between the two configurations. 

 

The parity of atom number of the red and magenta dots in Figures 4.8(a)-(d), which means the 

position of the dislocation core of the TD, indicate which TD configuration is at the specific replica 

– whether the TD is at the atom with an odd or even index indicates which TD configuration it is. 

Energetically, the two TD configurations are different, and each would be preferred under different 

stress fields. While there is no stress applied to the system, Figure 4.8(a) shows it is possible to 

observe both two configurations during the migration process. Under a compressive strain, Figure 

8(c) shows configuration A is dominant while under a tensile strain, Figure 4.8(d) shows 

configuration B is preferred.  
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It is shown in Figure 4.2(a) that the MEP curve of 2% compressive strain appears to fluctuate 

especially at the stage of TD migration. The fluctuation results from the switch between the two 

TD configurations and indicates the potential energy difference between the two configurations. 

Figure 4.8(e) simply takes the MEP curve of 2% compressive strain with labels as an example. 

The highlighted points in Figure 4.8(e) are replicas with local potential energy maximum. They 

correspond to the circles with the same color in Figure 4.8(e) and are the replicas where one of 

TDs has a different configuration different from the dominant configuration. The non-dominant 

TD configuration is of higher energy and thus is not energetically preferred under a certain loading. 

A similar fluctuation in the MEP is also seen but with lower amplitude when there is no normal 

strain, indicating the two configurations may be of a comparable energy value when the normal 

strain approaches 0. On the contrary, there is no such fluctuation in the MEP curve if the normal 

strain turns 2% tensile because configuration B with lower energy is observed at almost all the 

replicas during the stage of TD migration. Apparently, the potential energy difference between the 

two TD configurations is larger when the compressive strain or the tensile strain increases. From 

those cases varying the shear stress, it appears that the shear stress would not result in any 

significant preference on the two configurations.  

 

4.6. Conclusions 

This NEB-based study reveals a systematic stress-dependent energy barrier calculation for CTB 

migration. We find that while applying a shear stress, unsurprisingly, lowers down the energy 

barrier and thus boosts CTB migration, a non-glide stress changes the energy barrier. When the 

shear stress is non-zero, thereby inducing an asymmetry in the MEP and driving CTB migration, 

a compressive stress can reduce the energy barrier and the CRSS, and a tensile stress can increase 
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it. Assuming the Arrhenius equation applies, the rate of CTB migration is shown to be proportional 

to the ratio between the TRSS and the non-glide stress dependent CRSS to the power of a constant 

around 5. We note that the model considering the impact of the non-glide stress can be used to 

predict the twinning behavior under a complex stress field. 

In addition to the energy barrier, the migration mechanism is also revealed by the structural 

evolution during CTB migration, especially that of TDs. While the migration mechanism does not 

change with the imposed stress, the dominant TD configuration may be different upon either 

tensile or compressive stress because one of the two possible TD configurations is more 

energetically favorable. On the other hand, the TD configuration itself in the intermediate state 

does not match with the widely reported TD configuration for {101̅2} twin boundary and has a 

smaller and non-constant Burgers vector at every applied stress. It shows that the local 

reorientation during the CTB migration process does not complete as the TD passes through. Other 

than the behavior of TDs, the bulk atom displacement before TD nucleation and after TD 

recombination is also important to activate/conclude the CTB migration. We believe that these 

findings complement the current understanding of the TD configuration. Future studies will also 

focus on migration of the incoherent twin boundary and twin boundary with segregation where 

interactions between TD and other defects are possible.  
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Chapter 5: Twin Nucleation from Disconnection-dense Sites between Stacking Fault Pairs 

in a Random Defect Network 

 

 

5.1. Abstract 

Deformation twinning, an important plastic deformation mode, critically influences the strength 

and ductility of Mg. As such, a fundamental understanding of twin nucleation will provide us with 

important insight into the conditions that favor the onset of this deformation mode. To reveal the 

twin nucleation mechanism, we construct a defect network without making assumptions about the 

types and relative densities of dislocations present. The generated defect network features a high 

density of I1 stacking faults as well as disconnections between them. Deformation modeling results 

suggest that this structure enables a twin nucleation event from disconnection-dense sites between 

I1 stacking faults pairs. By probing twin nucleation and early-stage growth inside of the random 

defect network, we propose a geometry-based twin variant selection rule as well as a pure-shuffle 

twin nucleation and early-stage growth mechanism underpinning twinning in Mg.  

 

5.2. Introduction 

Mg-rich alloys are of interest as structural materials, due to their low densities and great potential 

for weight savings. However, their low strength and limited formability at room temperature have 

led to concerns regarding reliability and manufacturability [1]. These undesirable properties are 

attributable to the limited number of slip modes that can be easily activated during plastic 

deformation and the relative ease of twinning, a unidirectional deformation mode, in hexagonal 
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close packed (hcp) structure. Depending on the type of twin, deformation twinning can 

accommodate either c-axis contraction or extension but not both. To date, numerous studies have 

focused on uncovering the mechanisms that govern twin nucleation, as well as early-stage twin 

growth following nucleation, in hexagonal close packed metals like Mg and its alloys 

[23,47,74,86,113]. Twin nucleation typically occurs much too rapidly for direct observation via 

electron microscopy techniques, making it challenging to understand all of the possible ways and 

situations in which twins can form [16]. Therefore, there is a lack of scientific understanding on 

precisely how twinning occurs, and hence numerous theories and mechanisms have been proposed 

to explain twin nucleation and establish the conditions that enable this event [16,26–29,32,33,138]. 

Most of these proposed mechanisms pertain to heterogenous nucleation or defect-assisted twin 

nucleation since homogenous nucleation requires stresses that can be as high as the theoretical 

strength of the material to be activated [15].  

Most conventional defect-assisted twin nucleation theories postulate that pre-existing dislocations 

may undergo dissociation or recombination to generate a type of precursor structure (e.g., single- 

or multi-layer stacking fault) for deformation twins, which assists the development of a twin 

nucleus [15]. In the case of the {101̅2}  twin in Mg, multiple (instead of a single) twinning 

disconnections (TDs) 
1

15
< 101̅1̅ > {101̅2} are most likely to be the precursor and facilitate the 

twin nucleation by simultaneously gliding [26]. This type of TD-induced {101̅2} twin nucleation 

is also referred to as shear-shuffle mechanism [16] because the atomic displacement field during 

the TD-facilitated lattice reorientation contains both shear and shuffle components [15,139]. In the 

presence of a stress concentration, multiple TDs may form via the combination of a basal <a> 

dislocation and a pyramidal-I <c+a> dislocation [27], the dissociation of edge <c> and mixed 

<c+a> dislocations [28], or the interaction between a basal dislocation and a {112̅1} twin [29].  
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The pure-shuffle twin nucleation mechanism postulates that atomic shuffling, a non-affine (i.e., 

the displacements cannot be completed solely by a linear transformation) and diffusionless atomic 

displacement, akin to that involved in the martensitic transformation, causes twin nucleation. 

While defects are still needed for the atomic shuffling, this mechanism requires far fewer TDs, 

other dislocations or stacking faults to be present, if any. The shuffling-induced twin nuclei feature: 

(1) a basal-prismatic (BP) and prismatic-basal (PB) transition and subsequently BP and PB 

interfaces bounding the twin embryo, and (2) a deviation of the misorientation angle from the ideal 

86.3° to approximately 90° which complies with the BP and PB transition. There are more direct 

observations supporting the pure-shuffle nucleation mechanism than any of the other proposed 

mechanisms [16,32–34]. In summary, the two possible twin nucleation mechanisms, shear-shuffle 

mechanism featuring the nucleation of precursor 
1

15
< 101̅1̅ > {101̅2} TDs via multiple possible 

dislocation reactions and pure-shuffle mechanism featuring a B-P or P-B transformation [30], may 

represent mutually competing pathways that lead to the formation of twins, depending on the 

microstructures and stress conditions that are present.  

In this study, we use the following molecular dynamics (MD) simulations procedures to shed light 

into twin nucleation and the associated preferred twin nucleation sites, as well as into early-stage 

twin growth behavior. We use a random defect network that can be considered a facsimile of a real 

Mg sample containing a large number of crystal defects as follows. First, we construct a defect 

network without making assumptions of the types and relative densities of dislocations present 

using the method introduced by F. Sansoz [140]. The generated defect network features a high 

density of I1 stacking faults as well as disconnections between them. Deformation modeling 

reveals that this structure enables an unusual twin nucleation event happening in disconnection-

dense sites between stacking fault pairs. Second, by observing twin nucleation and early-stage twin 
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growth inside of this system, a geometry-based twin variant selection rule and a pure-shuffle twin 

nucleation mechanism are proposed.  

 

5.3. Computational Methods 

The atomic-scale mechanism responsible for {101̅2} twin nucleation in pure Mg was investigated 

with the Large-scale Atomic/Molecular Massively Parallel Simulator (LAMMPS) [55], using MD 

with an embedded atom method (EAM) interatomic potential by Sun et al [141]. This potential 

provides accurate description of dislocation core structures and stacking fault parameters [29]. To 

enable the twin nucleation inside bulk Mg (i.e., without the assistance of free surfaces), lattice 

defects like dislocations are needed to offer sites for heterogeneous nucleation [15]. Consequently, 

a defect network was built following the method described in Ref. [140]. This method mimics the 

process of dislocation formation in quenched materials with supersaturation of vacancies and no 

explicit assumptions of dislocation types and proportions [142]. The initial configuration was a 

pure Mg cube containing 963,200 atoms with dimensions of 27.40 nm along the x-direction (i.e., 

[1120]), 27.60 nm along the y-direction (i.e., [1100]) and 28.96 nm along the z-direction (i.e., 

[0001]). After energy minimization under periodic boundary conditions applied along all three 

dimensions, 20% of Mg atoms were randomly deleted from the Mg cube and a series of heat 

treatments was conducted under the isothermal-isobaric ensemble (NPT) ensemble with a Nosé-

Hoover thermostat and a constant pressure of 0. The simulated heat treatment is schematically 

illustrated in Figure 5.1: equilibration at 300 K for 50 ps, heating from 300 K to 823 K (i.e., 100 

K below the melting temperature of Mg) over 50 ps, annealing at 823 K for 50 ps, quenching from 

823 K to 1 K over 50 ps and another equilibration at 1 K for 50 ps. We selected 1 K as the final 
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temperature to minimize thermal fluctuations and enable detailed atomic analysis. By varying the 

random seed controlling atom removal, we prepared different microstructures that aim to validate 

the generality of the randomized defect network and the resulting twin nucleation mechanism. 

After the heat treatment, a notable feature of the atomic configuration, besides the dislocation and 

stacking fault network, was the presence of a non-negligible number of residual vacancies. These 

were filled as best as possible with Mg atoms to minimize the effect that residual vacancies may 

have on the twin nucleation mechanism. The Wigner-Seitz analysis [133] was done to label the 

vacancies and allow the process of vacancy filling. After that, the sample was first relaxed using 

energy minimization, then equilibrated using the NPT ensemble at 1K for 250 ps and finally 

deformed along the z-axis at an engineering strain rate of 109 s-1, a strain rate that was selected 

because it is widely used in simulating Mg deformation [29,143,144]. The canonical (NVT) 

ensemble with a Nosé-Hoover thermostat was used during deformation. For all the simulations, 

the timestep was set to be 5 fs. The snapshots of atomic configurations in this study are all 

visualized by OVITO [133]. 
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Figure 5.1. Temperature and time curve in thermal annealing simulation to generate a random 

dislocation network in a Mg single crystal with the c-axis coinciding with the z-axis of the 

simulation box and an initial porosity of 20%.  

 

5.4. Results 

5.4.1. Stacking fault network 

Figure 5.2(a) shows the simulation cell prior to deformation. A complex and random network of 

defects was generated, and the corresponding dislocation density using dislocation analysis (DXA) 

in OVITO [145] is estimated to be on the order of 1017 m-2, which is much higher than the 

dislocation density of heavily deformed metals (i.e., 1014 – 1015 m-2) [142] and that of focused ion 

beam (FIB)-fabricated metallic nanopillars (i.e., 1015 m-2) [140] and represents a highly defective 

region within a grain. DXA also shows the existence of almost all types of dislocations that have 

been frequently reported in Mg, including <a>, <c>, <c+a>, Shockley partial (or partial <a>), 

Frank partial and different types of partial <c+a> slip. The random generation of high-density 

dislocations enables the study of the interaction between stacking faults and a disconnection-dense 

structure resulting from these interactions. Figure 5.2(b) shows an overview of the defect network, 

containing plenty of I1 stacking faults shown as single-atomic-layered face-centered cubic (fcc)-

type defects, relatively fewer I2 stacking faults, pre-existing twins, and a few residual vacancies. 

The most noticeable type of defects is the I1 stacking fault that lies on the horizontal (0001) plane. 

Figure 5.2(c) shows results from the four parallel simulations which are consistent with those in 

Figures 5.2(a) and 5.2(b). Unlike isolated I1 stacking faults that are bounded by Frank partials, I1 

stacking faults in this model are interconnected by disconnections. A similar but much simpler 

configuration has been only reported by C. He et al. [146] both via experiments and simulations 

in a cold-rolled Mg-Bi alloy – it has been argued that a long Frank partial bounded I1 stacking fault 
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may interact with a basal <a> dislocation and result in a Shockley partial at the edge of a step 

structure connecting two I1 stacking faults that are ½ c (i.e., one atomic layer) spaced from each 

other along the c-axis. However, in this study, the step height is not limited to ½ c, while the 

dislocation character of the disconnection is not necessarily only one Shockley partial.  

 

Figure 5.2. Atomic snapshots at zero strain (i.e., before deformation) (a) with hcp atoms shown, 

(b) without hcp atoms for clarity of the stacking fault network, (c) from the other four parallel 

simulations with the random seeds controlling the atom removal changed, both with (top row) 

and without hcp atoms (bottom row). Atoms are colored based on the polyhedral template 

matching algorithm in OVITO: red for hexagonal close packed (hcp), green for face-centered 

cubic, blue for body-centered cubic, and white for undefined local coordination structure. The 

color coding of atoms for the rest of this chapter also follows the same rule. Tension is applied 

along the z-direction.  

 

Similar to the configuration reported by C. He et al. [146], we can formulate the stacking sequence 

mismatch and, therefore, the formation of the ½ c-high step as shown schematically in Figure 
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5.3(a). The Shockley partial represents the displacement of the atoms below the higher I1 stacking 

fault with respect to those below the lower I1 stacking fault. If this geometry is generalized by 

introducing a set of multiple Shockley partials layer-by-layer, a more complicated structure of 

disconnections between two I1 stacking faults can be proposed. In Figure 5.3(b), two opposite 

Shockley partials participate in the formation of a two-layer high disconnection. While the first 

Shockley partial displaces the atoms beneath the higher I1 stacking fault, the second opposing one 

may shift those beneath the first Shockley partial back. The overall effect is that only the stacking 

sequence of one layer in the middle changes from C to A, and the rest of the layers are arranged 

the same way as if there exists no disconnection but an ideal I1 stacking fault. Similarly, multi-

layer disconnections may be constructed by a series of Shockley partials, as shown in Figures 

5.3(c) and 5.3(d). The Shockley partials are equally spaced layer-by-layer with nearest neighbors 

having opposite Burgers vectors. Theoretically, the arrangement of the Shockley partials can 

accommodate the stacking sequence mismatch between two I1 stacking faults that are arbitrarily 

far away from each other while the overall Burgers vector of the disconnection is reasonably small 

to not further decompose.  
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Figure 5.3. A proposed formation mechanism for a (a) single-layer-high disconnection, (b) 

double-layer-high disconnection, (c) (2n-1)-layer-high disconnection and (d) 2n-layer-high 

disconnection between two bounding I1 stacking faults. The formation is enabled by the 

displacement along one (for (a)) or multiple mutually opposite Shockley partials in sequence (for 

(b)-(d)). The Shockley partial array is also plotted as well as the resultant change in stacking 

sequence. Note this is a schematic diagram with unrelaxed atomic positions. 
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Figure 5.4 shows examples of disconnections that connect the neighboring I1 stacking faults. All 

of the disconnections are labeled with their step heights in terms of the number of atomic layers. 

The two disconnection sites that later allow for twin nucleation are highlighted in orange. For 

given two I1 stacking faults, such as the highlighted two in Figure 5.4, there are multiple ways the 

disconnection(s) in between can arrange themselves. A disconnection may decompose into 

multiple disconnections with smaller step heights. As a result, there must be a few smaller I1 

stacking faults positioned in the middle to connect these decomposed disconnections with smaller 

step heights, as indicated by the five disconnections underscored with a dashed line compared to 

those marked by a solid line. On the other hand, these disconnections with larger step heights are 

stable because the horizontal spacing between the two bounding I1 stacking faults is very small, 

usually less than 5a where a is the lattice constant of Mg, making the decomposition less likely to 

happen. An example with such a small horizontal spacing, which is the disconnection denoted by 

the orange “4” in Figure 5.4, is illustrated in the inset. Interestingly, it has been found that these 

disconnections with larger step heights usually have a body-centered cubic-type local atomic 

configuration. 
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Figure 5.4. The atomic snapshot of a region with dense disconnection. The step height of each 

disconnection is labeled in the number of atomic layers, with 1 corresponding to a height of ½ c. 

Numbers are colored according to whether there is a {10-12} twin nucleating at the 

corresponding site: orange for the nucleation site and red for the non-nucleation site. Between 

the highlighted two bounding I1 stacking faults, a region containing “decomposed” 

disconnections with lower step heights as well as smaller I1 stacking faults is marked by a dashed 

line, while another region containing disconnections with larger step heights is also marked by a 

solid line as a comparison. An enlarged view of the top-right 4 atomic-layer-high disconnection 

is shown in the inset with its step height and the horizontal spacing of the bounding I1 stacking 

faults highlighted. 

 

5.4.2. Twin statistics 

The analysis of twin statistics was used to characterize twin evolution quantitatively during 

deformation and provide insight into twin nucleation and subsequent growth. Through the local 

lattice orientation calculation in OVITO [137], twin clusters with at least 20 atoms are sorted out 
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for twin statistical analysis. The threshold of twin size is selected so that very small atom clusters 

that are erroneously labelled as twins due to the instability of the algorithm will not be counted. 

Figure 5.5 shows the twin statistics using 4 descriptors – twin volume fraction, the number of 

twins, twin variant fraction, and the aspect ratio. The data are obtained from 5 parallel simulations 

deletional produced the same way but with slightly different defect networks. The analysis goes 

until an engineering tensile strain of 5%, because fracture starts to occur at larger strains. 

 

Figure 5.5. (a) Twin volume fraction evolution for each sample. (b) Twin amount evolution for 

each sample. (c) Twin variant distribution averaged across all 5 samples. (d) Average aspect ratio 

evolution across all 5 samples in two ratios (z’:x’ and x’:y’) with the inset showing a local twin 

coordinate system and defining x’-, y’- and z’-directions: x’ for the zone axis shared by the basal 

plane in the matrix and in the twin, y’ for the in-plane perpendicular direction to the zone axis, z’ 

for exactly the z-direction of the simulation box. All these parameters are plotted as functions of 

engineering strain εzz. 

 

Twin volume fraction evolution as a function of the engineering tensile strain, shown in Figure 

5.5(a), reveals that two different modes of twin evolution exist. One features a critical strain of 

~3% after which the twin volume fraction sharply increases, like Samples 2 and 4. The other shows 
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a less significant increase of the twin volume fraction, as in Samples 1, 3 and 5. The twin growth 

can be even locally reversible, as evidenced by a drop in the twin volume fraction for Sample 3, 

because some twin configurations are energetically unstable and therefore likely to de-twin. 

The number of twins shown in Figure 5.5(b) generally increases as deformation continues. 

However, fluctuations in the curves indicate that changes in the number of twins result not only 

from nucleation, but also from twin coalescence or de-twinning. In this particular case, de-

twinning results from twin embryos whose subcritical size makes them unstable. 

The distribution of twin variants, averaged across all samples and illustrated in Figure 5.5(c), 

reveals an unbalanced distribution of 6 twin variants. Mechanically, the 6 variants of the {101̅2} 

twin should be equally probable because the tension field was applied along the symmetry axis of 

the hcp crystal (c-axis). However, the observed disparity indicates that the twin variant is dictated 

by other structural reasons and hence that a variant selection rule may exist. Within the same twin, 

the variant indicator can be different but only within the mutually co-zone variant pair (i.e., Variant 

1-Variant 4, Variant 2-Variant 5, Variant 3-Variant 6 in Figure 5.5(c)) and indicate the degeneracy 

of co-zone variants, which means at stages of twin nucleation and early-stage growth, co-zone 

twins may not be clearly distinguished. This degeneracy agrees with a prior study by Y. Hu et al. 

[25], which reveals that the twin embryo may undergo a stochastic incubation stage when co-zone 

twin variants are not yet determined until the twin embryo reaches a significant size in the 

deterministic growth stage. 

The twin morphology is indicative of the nucleation mechanism as well as the dominant growth 

direction of {101̅2} twins. The twin lengths along 3 dimensions, the zone axis shared by the basal 

plane in the matrix and in the twin (labeled as x’ and referred to as the zone axis hereinafter), the 

in-plane perpendicular direction to the zone axis (y’), and the z-axis of the simulation box (z’), of 
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a {101̅2} twin are shown in the inset of Figure 5.5(d) and estimated using four times the standard 

deviation of each coordinate of atoms (i.e., their x’, y’ and z’ values) [52]. Figure 5.5(d) shows the 

evolution of two aspect ratios: z’:x’ and x’:y’. The ratio z’:x’ is close to 1 and only slightly 

decreases as the applied strain increases, which implies that the growth along these two dimensions 

occurs concurrently and with similar rates. The ratio x’:y’ is always larger than 2 and generally 

decreases as deformation continues. This means the growth along the y’-direction is impeded 

relative to that along the x’- and z’-directions, especially for low strain levels. Hence, the results 

in Figure 5.5(d) indicate that the geometry of the twins in the system is plate-like. 

5.4.3. Twin nucleation and early-stage growth during deformation 

The analysis of twin statistics provides an overview of the twin evolution and therefore helps 

understand a few key events during deformation. In this section, the features and rules that may be 

active throughout the process of twin nucleation and early-stage growth will be discussed. 

Prior to discussing results, it is important to note that there are a few pre-existing {101̅2} twins 

present even before deformation, although these twins are far fewer than the deformation-induced 

ones. These pre-existing twins are induced by the vacancy filling and the equilibration that follows 

because no pre-existing twins are observed in the case without these two processes. There is no 

significant difference in twin behavior (e.g., nucleation site, growth rules) between the pre-existing 

twins and the deformation-induced ones. Consequently, in the section that follows, pre-existing 

twins will not be discussed separately. 

In our results, twin nucleation is observed to consistently occur only at some of the disconnections 

between two I1 stacking faults. A twin nucleation event is illustrated in Figure 5.6 with the atom 

snapshots before and after the nucleation. As shown in the inset of Figure 5.6(b) by four vertical 
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basal planes in the twin, the twin embryo right after the nucleation is a 90° {101̅2} twin and the 

dominant boundary between the twin domain and the matrix is the BP/PB interface, which 

indicates the critical role of the P-B transformation (i.e., the prismatic plane in the matrix is 

transformed into the basal plane in the twin) on the twin nucleation. Notably, the formation of a 

coherent twin boundary is not observed during deformation. From an overview of all twin 

embryos, there seems to be a critical disconnection height that allows for twin nucleation. – the 

threshold value is 4 atomic layers, while the maximum height of disconnections that allows for 

twin nucleation is 21 atomic layers. 

 

Figure 5.6. Atomic snapshots of a twin nucleation site (a) right before the nucleation and (b) 

right after the nucleation. The inset of (b) shows this twin embryo along the x’-axis consisting of 

four vertical basal planes. The black lines and the coordinate systems indicate the coincidence of 

the dislocation line of the edge Shockley partial and the zone axis shared by the basal plane in 

the matrix and in the {10-12} twin embryo. The axes of the coordinate systems have the 

following meaning: b for the Burgers vector of the Shockley partial, l for the line direction of the 

Shockley partial, z for the z-direction of the simulation box. The x’, y’ and z’ coordinate system 

has the same meaning as defined in Figure 5.5. 

 

The unbalanced twin variant frequency is evaluated by statistical analysis and indicates a 

geometrical reason behind it. Following the proposed formation mechanism of disconnections 

where the twin nucleation occurs, shown in Figure 5.3, the edge Shockley partial also has 6 variants 

with 3 unique line directions due to the 6-fold symmetry of the hcp structure. By observing the 
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nucleation of every twin embryo, the variant selection follows simply from the geometrical 

constraint that in order for the dissociation event to occur, the zone axis must coincide with the 

dislocation line of edge Shockley partials. This alignment is also illustrated in Figure 5.6. In other 

words, the 90° P-B transformation must happen on the plane spanned by the z-direction and the 

line direction of the disconnection in Figure 5.6(a), which coincides with the x’z’ plane in Figure 

5.6(b), and later other parallel crystal planes. Considering the twin morphology statistics, the P-B 

transformation happens faster along the x’-axis and much slower along the z’-axis, possibly due 

to the confinement induced by two bounding I1 stacking faults. Also, the degeneracy of co-zone 

twin variants revealed by the statistical analysis is a direct consequence of the P-B transformation 

because the crystallographic orientation of co-zone twins will be the same after this 90° 

transformation. 

Early-stage twin growth is defined as the significant size increase of the twin embryo that occurs 

immediately following twin nucleation, during which the twin size only slightly changes. 

Generally, the early-stage twin growth process can be divided into two substages. In the first 

substage, where the twin embryo grows from the state shown in Figure 5.7(a) to Figure 5.7(b), the 

transformed basal plane further expands but is still limited by two I1 stacking faults between which 

the disconnection is positioned. In the meantime, the twin also grows along the y’-direction as 

more P-B transformations occur (denoted by three adjacent basal planes in the twin highlighted in 

Figure 5.7(b)) but much more slowly than along the x’-direction, the zone axis. In the second 

substage where the state in Figure 5.7(b) further evolves to that in Figure 5.7(c), the twin domain 

will also significantly expand along the z-axis and break the limit imposed I1 stacking by faults by 

reorienting the atoms in the vicinity of them. The dimensions along the three axes x’, y’, and z’ of 

this twin are also shown in Figure 5.7(d) under different strain levels as well as approximate 
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boundaries of the two substages. The twin growth behavior indicates that the early-stage twin 

growth matches the pure-shuffle mechanism instead of the shear-shuffle mechanism, since the 

twin growth is still facilitated by P-B transformations and the growth along the twinning direction 

is not observed. 

 

Figure 5.7. Atomic snapshots showing the two substages after the twin nucleation. (a) for the 

stage where no significant twin growth occurs before the two substages, (b) for substage 1, and 

(c) for substage 2 (as noted in (d)). Three adjacent transformed basal (B) planes in twin from 

prismatic (P) planes in matrix are highlighted in (b). (d) Twin lengths along the 3 axes in the 

local twin coordinate system, x’, y’ and z’, is plotted as functions of engineering strain εzz. An 

approximate range of substage 1 and 2 is labelled, respectively, with substage 2 featuring a 

significant rise of z’ length of the twin embryo.  

 

Comparative simulations have also been done by deleting 15% Mg atoms instead of 20% while 

keeping all other parameters constant. Interestingly, in this case the only stacking fault type 

observed is the I2 stacking fault, which indicates the removal of abundant Mg atoms is a 

prerequisite to forming the I1 stacking fault. The I2 stacking fault is bounded by Shockley partials 

as normal and is also interconnected but by an <a> dislocation that can be formed by the 
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combination of two Shockley partials. When the simulation box was deformed the same way, no 

deformation twins are observed until sample fracture. Similarly, another comparative simulation 

with 18% atom deletion was conducted. In this case, I1 stacking faults are observed but with a 

smaller number density. The {101̅2} deformation twin nucleates near the disconnection between 

two neighboring I1 stacking faults, as in the case of 20% atom deletion, but with a lower number 

frequency due to the presence of only sparse I1 stacking faults. These comparisons, as well as the 

parallel simulations that randomize the atom removal, validate that the most preferable twin 

nucleation site should be the disconnection between neighboring I1 stacking faults, regardless of 

atom deletion percentage and the randomized structure of the stacking fault network. 

 

5.5. Outlook and conclusions 

This work describes and analyzes twin nucleation at disconnection-dense sites between two I1 

stacking faults inside a complex defect network. By mimicking the dislocation formation in 

quenched materials with supersaturation of vacancies, a random defect network containing 

different types of dislocations, stacking faults, and disconnections is generated by annealing and 

quenching of a porous Mg in molecular dynamics simulations, before a tensile deformation was 

applied. Our results indicate that the unique disconnection-dense sites are favorable for twin 

nucleation. These sites allow the P-B transformation to first occur on the plane spanned by the 

dislocation line of the disconnection and the c-axis of the matrix and later other parallel planes. 

This nucleation mechanism also results in the variant selection rule that sets the zone axis shared 

by the basal plane in the matrix and in the {101̅2} twin to coincide with the dislocation line. 
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Early-stage growth of the {101̅2} twin after its nucleation has also been observed within an 

engineering strain of 5% along the c-axis. The twin growth can be categorized into two substages. 

During the first substage, the growth is limited by two bounding I1 stacking faults and anisotropic 

as the growth appears to be fastest along the y’-direction. The second substage occurs when the 

limitation imposed by neighboring stacking faults is no longer present. Therefore, the growth is 

less anisotropic as the {101̅2} twin can propagate along the z-direction more easily at this stage. 

Based on our study, we propose a possible pure-shuffle mechanism for the {101̅2} twin nucleation 

and early-stage growth, especially in a dislocation-rich environment. However, since the structure 

of the disconnection between two I1 stacking faults has heretofore not been reported, it remains 

unclear whether and how a similar structure can be formed in experiments when the dislocation 

density is much smaller than the level that can only be reached by molecular dynamics simulation. 

The energetics also need further study to explain why these disconnection-dense sites are 

energetically favorable for the observed twin nucleation. 
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Chapter 6: Conclusions and Future Work 

 

In this dissertation we studied multiple scenarios where the stress-strain fields influence 

microstructure, paying particular attention to twin behavior in Mg and Mg alloys under different 

conditions. These fundamental correlations between external controllable parameters and 

microstructural response modulate the mechanical properties of Mg and hence provide an 

opportunity for twin-based engineering which ultimately may be used for the simultaneous 

optimization of strength and ductility of Mg. Below, we summarize the key conclusions for each 

chapter in this dissertation. 

• Chapter 2: The EBSD-based statistical analysis reveals multiple correlations between 

grain-scale microstructural characteristics and {101̅2} twin behavior. For instance, the 

positive correlation between grain size/grain perimeter and the probability of having at 

least one twin in the grain is confirmed. The Mg-Y alloy with higher Y concentration 

experiences a lower TAF and a slower twin thickening under the same strain level, which 

is more attributable to the higher Y concentration rather than to a weakened texture. Most 

meaningfully, this study validates the notion that EBSD is a promising data source to 

perform high-throughput analyses of microstructure and its evolution. 

• Chapter 3: Room temperature deformation-induced Y segregation in the Mg-3Y solid 

solution alloy is characterized through HAADF-STEM and EDS. The segregation is 

observed at lattice dislocation cores, alternating tensile sites along {101̅2} CTBs and 

adjacent to BP facets in the form of Y clusters. Atomistic simulations further show 

energetic reason of the segregation and the pinning effect imposed by the segregated Y. 



 

110 

 

Overall, this study indicates that deformation-induced segregation can make a significant 

difference to the mechanical behavior and the microstructure evolution in Mg alloys. 

• Chapter 4: The influence of applied stress-strain fields on the {101̅2} CTB migration is 

systematically investigated using NEB that calculates its energy barrier and MEP. While 

the shear stress decreases the energy barrier and boosts CTB migration, the non-glide 

stress, which does not contribute to the TRSS, lowers down the energy barrier when it is 

compressive. Based on the relationship between the stress field and the energy barrier, 

the rate of CTB migration is shown to be proportional to the TRSS to CRSS ratio to the 

power of ~5. Microstructurally, several features and configurations during CTB 

migration are highlighted to complement the current understanding of this process from 

the perspective of the MEP, including (1) the bulk atom displacement before TD 

nucleation and after TD recombination; (2) the Burgers vector of the observed TD is 

much smaller than the widely reported value; (3) different dominant TD configurations 

upon compressive and tensile non-glide stress. 

• Chapter 5: The {101̅2} twin nucleation from the disconnection-dense sites between I1 

stacking fault pairs is highlighted inside a randomly generated defect network without 

making assumptions of the types and the proportion of dislocations. A pure-shuffle 

mechanism featuring the P-B transformation for twin nucleation and subsequent early-

stage growth is observed. A geometry-based twin variant selection rule is also 

established. 

 

In this dissertation we find that the presence of stress-strain fields critically influences the 

behavior of deformation twins, including twin evolution at the micron scale during deformation, 
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coherent twin boundary migration, and twin nucleation along with subsequent early-stage 

growth. The findings reveal that not only the presence of stress-strain fields, but also many other 

micro- or nano-structural characteristics, such as grain size, crystallography, alloying element 

concentration and pre-existing defects can be engineered to modulate the formation, propagation, 

and growth of deformation twins in Mg. However, to properly implement the idea of twin-mesh 

engineering in Mg and Mg alloys, additional research is required; some ideas of this future work 

are listed below.  

1. Following the EBSD-based statistical study which successfully established correlations 

between grain-level microstructural characteristics and twin behavior in Chapter 2, it is 

more desirable to build some multiple-to-one correlations that allow for a more direct 

prediction of whether a twin will be generated inside a given grain with all information 

(such as grain size, the size and the crystallographic orientation of neighboring grains) 

known. In recent years, machine learning has been widely adopted into the field of 

materials science and has contributed to some notable accomplishments, including 

property prediction of a given material or structure [147], image processing of TEM 

micrographs [148] and boosting of the accuracy and calculation efficiency of MD [149]. 

Applying machine learning to the analysis of EBSD data is anticipated to help predict the 

twin nucleation/growth probability.  

There have been some preliminary studies done by our collaborators from Prof. Stacy M. 

Copp’s Research Group. Principal component analysis has been performed to examine 

the relative essentiality of each parameter in predicting the twinning probability and 

several machine learning algorithms have been adopted to train the predictor with a 

reasonable accuracy. The next step will be to further tune the model based on materials 
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science knowledge, for example, to add Schmid factor as a feature. The more reliable 

prediction of twinning can facilitate the controlling and engineering of the twin mesh in a 

polycrystal Mg alloy. 

2. The room temperature deformation-induced Y segregation at faceted {101̅2} twin 

boundaries in a solid solution Mg-3Y alloy in Chapter 3 was observed, but this 

phenomenon was simply justified using a statics analysis that showed a lower overall 

potential energy after the segregation and the mechanism or the diffusion pipeline behind 

the segregation is still not clear. Two questions should be addressed: first, along which 

pathway does Y segregate to twin boundaries under an applied load? second, among all 

the possible segregation mechanisms, which one is dominant? Once the segregation 

kinetics is better understood, by either enabling or disabling such a segregation pathway 

through alloy design or heat treatment, segregation at twin boundaries can be accelerated 

or decelerated to modulate twin behavior and therefore the mechanical properties.  

To reveal the segregation mechanism, two possible methods should be considered. One 

of them is accelerated molecular dynamics that allows for a longer simulated time for 

diffusion analysis. The other is to characterize the spatial distribution of Y dopants in the 

vicinity of twin boundaries with methods which have an atom-scale spatial resolution 

(e.g., atom probe tomography, electron energy loss spectroscopy). There are several 

hypotheses of the fast segregation pathway inside the defective crystal under deformation 

to be validated: (1) Y dopant atoms mostly stay still in the bulk crystal and get dragged 

by a moving twin boundary. After that, Y may be carried by the moving twin boundary as 

it continues to migrate; (2) Dislocations may interact with twin boundaries and then allow 

Y dopant atoms inside the dislocation core to diffuse towards twin boundaries through 
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pipe diffusion; (3) Dislocations may drag Y dopant atoms in the bulk crystal as in 

hypothesis (1) and carry them to twin boundaries during glide via cross-core diffusion.  

3. The finding of twin nucleation from disconnection-dense sites between I1 stacking fault 

pairs reported in Chapter 5 is quite unexpected, but such a nucleation site has not been 

reported so far in experiments due to the ultrahigh dislocation density in the MD model. 

Consequently, it is important to provide experimental evidence for the existence of this 

particular nucleation mechanism. A possible method to validate it may be to generate 

locally dislocation dense sites in a nanopillar under certain heat treatments and then 

deform it in a way that favors twin nucleation for further TEM characterization of the 

twin embryo. Also, the energetics of this nucleation event deserve more study to answer 

why these disconnection-dense sites are preferrable for twin nucleation.   

4. Inspired by other studies which observe the twin mesh-like twin networks, it may be 

meaningful to pay special attention to certain materials or mechanical testing methods. 

For example, deformed Mg-Li based alloys show a high density of twins featuring a 

small thickness [45] and under a compression with GPa-scale hydrostatic pressure, the 

Mg-Li alloy even allows for the generation of parallel nanotwins with nanoscale spacing 

and large number density [72]. Focusing on Mg-Li alloys with extreme deformation 

conditions seems an interesting starting point to realize the idea of twin-mesh engineering 

since the mechanism causing this phenomenon is not fully understood. 
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