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ABSTRACT OF THE DISSERTATION

Controllable Epitaxial Growth of Metal Halide Perovskites for Single-crystal Devices

by

Yimu Chen

Doctor of Philosophy in Chemical Engineering

University of California San Diego, 2020

Professor Sheng Xu, Chair

As an emerging class of semiconductors, metal halide perovskites have demonstrated
tremendous potential in various applications, including photovoltaic solar cells, light-emitting
diodes, photodetection, and many other electronic devices. While most of these perovskite
electronic devices have adopted polycrystalline perovskite thin films, problems of polycrystalline
thin films like the high density of grain boundaries and defects, low stability can hinder the further
xiii

performance enhancement of perovskite electronic devices. Comparing with their polycrystalline
counterpart, single-crystal perovskites provide opportunities in solving such problems. Not only
can they provide enhanced crystalline quality and excellent material stability, but also the
possibility to alter the electronic properties of perovskites by lattice-mismatch-induced strain. Yet
the development of single-crystal perovskite electronic devices is still in its infancy due to the low
controllability over the growth of single-crystal perovskite nano/micro-structures and the
incompatibility with the conventional semiconductor fabrication protocol.
This research aims to develop a platform for growing high-quality single-crystal metal
halide perovskite nano/micro-structures using controllable chemical homo/heteroepitaxial growth
and fabricating high-performance single-crystal-perovskite-based electronic devices with the
conventional semiconductor fabrication protocols. In Chapter One, the basic properties of metal
halide perovskites and the current problems presented in the polycrystalline perovskite thin films
will be introduced and discussed. In Chapter Two, controllable homoepitaxial growth of metal
halide perovskite micro-arrays will be introduced. Our work presents the first controllable growth
of large-area single-crystal perovskite microarrays with different sizes, morphologies, crystalline
orientations, and patterned structures. In Chapter Three, controllable strain engineering of singlecrystal metal halide perovskite thin films by heteroepitaxial-growth-induced lattice mismatch will
be introduced. Our work presents the first controllable strain engineering in metal halide perovskite
family. In Chapter Four, epitaxial stabilization induced by the chemically epitaxial strain growth
will be introduced. Our strategy provides insights into structurally stabilizing the metastable metal
halide perovskite family. Our understanding of the controllable epitaxial growth of metal halide
perovskites paves the way for next-generation single-crystal metal halide perovskites electronic
devices.
xiv

Chapter 1. General Information of Metal Halide Perovskites

1.1 Structural Properties of Metal Halide Perovskites
Metal halide perovskites have a general ABX3 formula where A is a cation, B is a metal
ion, and X is a halide ion1. Commonly used A-site cations are methylammonium (MA+),
formamidinium (FA+), and cesium ion (Cs+). Lead ions (Pb2+) and tin ions (Sn2+) are commonly
used as B-site metal ions while chloride (Cl-), bromide (Br-), and iodide (I-) are used as X-site
halide ions. Depending on the effect radii of the A-site cations, B-site ions, and X-site ions, the
crystal structure of metal halide perovskites can range from a highly symmetric cubic structure to
a less-symmetric tetragonal or orthorhombic structure. In general, these pseudocubic structure
halide perovskites consist of the corner-sharing [BX6] octahedra and an A-site cation which
occupies the 12-fold coordination site formed in the middle of eight [BX6] octahedra2, as shown
in Figure 1. Tolerance factor is usually used to evaluate whether the pseudocubic perovskite
structure can be maintained3:

t=

rA + rX

(1)

√2(rB + rX )

where t is the tolerance factor, rA is the effective radius of the A-site cation, rB is the effective
radius of the B site metal ion, and rX is the effective radius of the X site halide ion. t should fall in
the range of 0.75-1 to hold a stable pseudocubic perovskite structure.

1

Figure 1. Schematic structure of metal halide perovskites.
Metal halide perovskites have a pseudocubic lattice structure and an ABX3 formula.

1.2 Metal Halide Perovskites as a Class of Semiconductors
Metal halide perovskites exhibit excellent semiconducting properties. With different
compositions, metal halide perovskites show a tunable direct bandgap between 1.2 eV to 3.1 eV,
which covers the entire visible light spectrum. It has been reported that the valance band maximum
(VBM) of metal halide perovskites mainly consists of heavy metal ion (e.g., Pb) s orbitals and
halide ions (e.g., I) p orbitals4. Therefore, the substitution of chemical composition can effectively
alter the coupling of the orbitals and, consequently, the electronic band structures and bandgap of
perovskites, which enables a broad range of applications.
Meanwhile, metal halide perovskites show a high absorption coefficient up to 105 cm-1 over
the spectra they cover5, which is over one order of magnitude higher than that of conventional
semiconductor Si6. This high absorption coefficient not only benefits the light-harvesting of the
perovskites but also reduces the required thickness of the devices. Consequently, this can
potentially reduce the charged carrier recombination and contribute to a higher open-circuit
voltage in photovoltaics, according to the Shockley-Queisser model.

2

As a class of semiconductors, metal halide perovskites are also demonstrated to have
tunable exciton binding energy (Eb ) based on the compositions and dimensionalities. For the
widely studied MAPbI3, Eb is reported to be ~10 meV7. This value is much smaller than the
thermal energy at room temperature (~26 meV), indicating that the excitons (bounded electronhole pairs) can easily overcome the Coulomb interaction by the thermal fluctuation and become
free charged carriers8. Free charged carriers can be separately collected upon excitation, and this
unique property is suitable for photovoltaic and photodetection applications. In contrast, changing
the composition by substituting the halide ions and reducing the dimensions of metal halide
perovskites can effectively increase the Eb to several hundreds of micron electric volt, which
enables the enhanced radiative recombination of the charged carriers. In this case, halide
perovskites are also exhibiting potential for light-emitting applications. In addition, metal halide
perovskites are also demonstrated to have superior charge carrier dynamics. High charged carrier
mobility and long charged carrier life are reported9, which contribute to the long charged carrier
diffusion length2 and their success in next-generation electronic devices.
Besides, metal halide perovskites also show solution processability10. High-quality
perovskite single crystals can be easily obtained by several crystallization methods from perovskite
solutions, and polycrystalline thin films can be deposited by a variety of methods including spin
coating, blade coating, stamping, spray coating, and vacuum deposition11. This feasibility of
solution processability exhibits potential for large-area low-cost deposition.

3

1.3 Current Applications of Metal Halide Perovskites
Due to the superior optical and electrical properties, as mentioned above, metal halide
perovskites have demonstrated potentials for photovoltaic and optoelectronic applications,
including solar cells12-14, light-emitting diodes (LEDs)15-17, photodetectors18-20, field-effect
transistors (FET)21-23, radiation detection/imaging24-26, and many others27. Among these broad
applications range, solar cells are most widely studied due to the high power conversion efficiency,
which is comparable to those highly crystalline silicon solar cells. In the past decade, the power
conversion efficiency of the state-of-art small-area (<1 cm2) perovskite solar cells has rapidly
increased from 3.8% to a certificated 25.2%11. In general, perovskite solar cells adopt a formal ‘ni-p’ structure where the intrinsic perovskite absorber layer is sandwiched by an n-type electron
transporting layer (usually TiO2 and SnO2) and a p-type hole transporting layer28. Besides, an
inverted ‘p-i-n’ structure with a p-type hole transporting layer (usually organics) and an n-type
electron transporting layer is also reported to reduce hysteresis28. A large-area (>100 cm2) solar
module is required for commercialization11. The module, however, has a much lower power
conversion efficiency compared with the small-area solar cell due to the decrease of short-circuit
current11. As for the deposition method, spin coating is widely used in fabricating small-area
devices. When scaling up the area, deposition methods with a better large-area uniformity such as
blade coating, spraying, slot-die coating, stamping, and vacuum deposition are preferred11. For
large-area perovskite modules, currently, a certified 17.25% power conversion efficiency has been
achieved with a 17.28 cm2 illumination area29, and a 16.1% efficiency is also achieved by an 802
cm2 device29, showing great potential for highly efficient photovoltaic applications.
Due to the extraordinary optoelectronic properties, tunable emission wavelength, and
narrow emission linewidth, metal halide perovskites have also been successfully applied in light4

emitting applications. Photoluminescent quantum yields of perovskites have been reported to be
reaching 100%, demonstrating the minimized non-radiative recombination and energy losses in
designed perovskites materials30,31. Perovskites also show an extremely wide color gamut (~140%)
due to the narrow emission bandwidth32, showing the potential for next-generation display
technology33. Similar to that of perovskite solar cells, the device structure of perovskite LEDs can
be classified into formal and inverted structures with the perovskite emitter sandwiched by two
different carrier transporting layers33. Besides the conventional three-dimensional (3D)
perovskites, two-dimensional (2D) perovskites and perovskite quantum dots/nanocrystals are also
widely studied due to the high Eb induced by the dimensionality reduction quantum effect34.
Recently, both green and red light perovskite LEDs have shown external quantum efficiency over
20%16,35-37, while the performance of the blue light perovskite LEDs (external quantum efficiency
<11%17) still lags behind due to the absence of suitable hole transporting layer to match the deep
VBM38.
Metal halide perovskites have also been widely used as photodetectors. There are two main
types of device structure for perovskite photodetectors, which are photodiode type and
photoconductor type5. Photodiode-type perovskite photodetector has a structure similar to that of
solar cells and LEDs and is usually reversely biased to reduce the dark current density5. As a result,
this type of photodetector exhibits a high detectivity and a high response speed5. Photoconductortype perovskite photodetector has a much simpler structure and a larger photoresponse due to the
amplification effect. Recently, a phototransistor-type perovskite photodetector is demonstrated to
have both a large photoresponse and a high response speed39. Unlike perovskite solar cells and
LEDs where the efficiency is a most critical standard, perovskite photodetectors can be assessed
by multiple parameters depending on the applications. High detectivity and large linear dynamic
5

range are favorable for weak intensity detection. Fast response speed can be utilized in high-speed
optical communications. Narrowband detection is favorable in spectrally selective detection, and
high responsivity is also essential to all photodetectors.
The above applications represent most of the electronic devices based on metal halide
perovskites. In recent years, several reports also prove the potential of perovskites for other
applications. Recently, metal halide perovskites have shown potential in ionizing radiation
detection/imaging due to their strong stopping power, large mu-tau product, large bulk resistivity,
radiation hardness, and defect tolerance40-45. Besides, perovskite-based ionizing radiation detectors
have shown comparable performance to those commercial detectors based on Si, HgI2, and Cd1−
xZnxTe,

α-Se, and many others, showing the possibility to replace current ionizing radiation

detectors. Besides, perovskites have also been demonstrated as field-effect transistors due to the
excellent carrier dynamics21,23,46.

1.4 Limitation in Current Metal Halide Perovskite Devices
Although metal halide perovskites have been successfully applied to multiple fields and
have been seen as a class of promising next-generation semiconductors, current metal halide
perovskite electronic devices are heavily relying on the polycrystalline thin films due to the
simplicity of deposition47. By using spin coating, blade coating, vacuum deposition, and other
deposition methods, polycrystalline perovskite thin films can be easily deposited onto arbitrary
substrates11. Despite the deposition simplicity and the successful application in electronic devices,
polycrystalline perovskite thin films face many challenges, which impede the further development
and commercialization of perovskite-based electronic devices.
6

From the structural aspect, a high density of structural defects such as point defects (e.g.,
vacancies), 2D defects (e.g., grain boundaries), and 3D defects (e.g., residue clusters) are presented
in the polycrystalline thin films48. Figure 2 shows a typical Scanning Electron Microscope (SEM)
image of the polycrystalline perovskite thin film, where the grain boundaries and residue clusters
can be evident. These defects lead to the formation of sub-bandgap electronic traps in perovskites
and can serve as the non-radiative recombination center for charged carriers48. Trap density
characterizations show that the trap density is on the scale between 1015-1017 cm-3 for
polycrystalline perovskite thin films6. For devices like solar cells, LEDs, photodetectors, and
radiation detectors whose performances are highly related to the carrier diffusion length, such high
trap density can lead to a severe charged carrier non-radiative recombination and device
performance deterioration. Besides, grain boundaries also scatter the charged carriers and incident
photons to harm the carrier mobility and absorption coefficient, respectively49,50. This also
potentially leads to the impairment of further boosting the perovskite electronic device
performance.

Figure 2. A typical SEM image of the polycrystalline perovskite thin film.
A high density of grain boundaries (black box) and residue clusters (white box, PbI2) are
represented in the polycrystalline perovskite thin film. Scale bar: 500 nm.
7

From the stability aspect, the grain boundaries also serve as the channel for oxygen and
moisture penetrating into the perovskite grains and lead to the accelerated degradation of
polycrystalline thin films under ambient conditions51. It is also found that a high level of local
heterogeneity exists in polycrystalline perovskites thin films52, especially at the grain boundaries,
and results in the accelerated decomposition of perovskites under high temperature by organic
cation volatilization53. Therefore, polycrystalline perovskites also suffer from material stability
and thermal stability issues.
Another challenge presents in the polycrystalline perovskite thin films is the low activation
energy for ion migration. Under biased operation conditions, ion migration takes place through the
point defects and grain boundaries in polycrystalline perovskite thin films54. The accumulation of
ions at the perovskite/electrode interfaces affects the performance by screening effect and the
reliability of the devices by current-voltage (I-V) hysteresis55.

8

Chapter 2. Single-crystal Metal Halide Perovskite Devices by Controllable Homoepitaxial
Growth

2.1 Motivation for Studying Single-crystal Metal Halide Perovskite Devices
Compared with the polycrystalline metal halide perovskites, single-crystal perovskites
mainly exhibit advantages in three different general categories: outstanding crystalline quality,
enhanced material stability, and the possibility to achieve controllable strain engineering for
performance enhancement.
Different from polycrystalline perovskites that consist of multiple grains and grain
boundaries, single-crystal perovskites are sequentially formed by the network of oriented lattices,
which largely reduce the formation of defects and annihilate the existence of grain boundaries.
Published researches show that the trap density of single-crystal perovskite is around five to seven
orders of magnitude lower than that of polycrystalline perovskite56. The reduction of structural
defects and electronic traps minimizes the non-radiative recombination of the charged carriers.
This is proven by the much-elongated carrier lifetime and higher photoluminescence quantum
yield in single-crystal perovskites57. Besides, the grain boundary annihilation in single-crystal
perovskites eradicates the scattering of the charged carriers when passing through the grain
boundaries, contributing to the excellent carrier dynamics in single-crystal perovskites49,50.
Reports show that single-crystal perovskites have enhanced carrier mobilities and diffusion lengths
compared with polycrystalline perovskites49. In terms of the optical property enhancement, the
annihilation of grain boundaries also reduces the scattering of photons for more efficient photon
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absorption and reabsorption in single-crystal perovskites, contributing to efficient photon
collection58.
Due to the ordered arrangement of lattices, single-crystal perovskites eliminate the grain
boundary and local heterogeneity59. Without the channel for moisture and oxygen penetration,
single-crystal perovskites exhibit long-term stability under the ambient condition without severely
degradation51. Also, it has been shown that the single-crystal perovskite exhibits enhanced thermal
stability than that of polycrystalline perovskite by Thermogravimetric analysis60,61. Besides the
enhanced stability, single-crystal perovskites also show reduced ion migration due to the point
defect reduction and grain boundary annihilation due to the enhanced crystalline quality62.
It is also worth to mention that single-crystal perovskites exhibit the potential to achieve
controllable strain engineering by inducing lattice mismatch during epitaxial growth63,64. This is
due to the fact that the epitaxial lattices will adopt a conformal lattice parameter with that of the
substrate lattices to form a coherent structure at the growth interface. The lattice mismatch between
the epitaxial layer and substrate can, therefore, be used as an effective tool to deform and create
strain to the epitaxial lattices. With the strain, the electronic band structure of the epitaxial layer
can be modified to enhance the properties or even create new functionalities. In polycrystalline
perovskites, however, it is impossible to generate controllable strain due to the physical attachment
to the substrate.
In summary, single-crystal perovskites provide insight into perovskite electronic devices
with high quality, long-term operation stability, and enhanced performance.
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2.2 Current Studies of Single-crystal Metal Halide Perovskite Devices
Owing to the superior properties and long-term stability shown by the single-crystal metal
halide perovskites, researchers have been trying to build electronic devices based on the singlecrystal metal halide perovskites. Fabricating planar devices directly on the bulk crystals and singlecrystal perovskite wafers have been widely adopted and studied due to the simplicity of this
method. Planar solar cell with the electrodes directly deposited on the bulk metal halide perovskite
crystal surface shows a power conversion efficiency of 1.88%, which is 44 times higher than that
of a polycrystalline thin film with the sample structure65. By proper surface defect passivation and
the addition of planar carrier transporting layers, planar perovskite solar cells based on perovskite
bulk single crystals and perovskite single crystal wafer can achieve power conversion efficiency
exceeding 11% and 5.9%, respectively. Other than solar cells, perovskite bulk crystals with a
simple planar structure are also widely used in photodetection applications. Due to the enhanced
crystalline quality and superior carrier dynamics, photodetectors with enhanced responsivity and
low detection limits are reported66-68. In addition to the photovoltaic and optoelectronic devices,
perovskite bulk crystals can also be used as radiation detector24-26,43,44. These electronic devices
based on perovskite bulk crystals and wafers, however, are not suitable for the small volume
integration because of the bulky size. Meanwhile, the planar device layout is not suitable for the
integration of carrier transporting/blocking layers.
Besides the planar electronic devices based on bulk metal halide perovskites crystals and
wafers, devices fabricated based on the perovskite thin film are also frequently attempted. To be
compatible with the advanced perovskite optoelectronic techniques, obtaining a high-quality
single-crystal metal halide perovskite thin film with controllable thickness and pattern is critical.
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Chemical vapor deposition (CVD) is commonly used in growing single-crystal
perovskites. Researchers achieved the epitaxial growth of metal halide perovskites within a limited
range of substrates. In most of these epitaxial halide perovskites, however, the interaction between
the perovskites and the substrates are relatively weak (van der Waals epitaxy)64,69,70. Therefore,
the epitaxial halide perovskites crystallize into flakes instead of a uniform thin film. Several
reported works demonstrated the ion epitaxy of halide perovskites with uniform thin films 71,72.
However, the limited selection of the substrates constrains the diversity of the epitaxial perovskite
films.
Besides CVD growth, space confinement growth of single-crystal metal halide perovskite
thin film is another emerging technique. By confining the growth geometry with two clamping
spacers, the single-crystal thin film can crystallize from the solution trapped in between the
spacers58,73,74. The selection of the single-crystal halide perovskite can be controlled by choosing
solutions with different compositions75,76. However, the crystallization of the single-crystal thin
films becomes uncontrollable without preferential growth site, and the thickness of the singlecrystal thin films is also uncontrollable.
Although single-crystal perovskites have shown enhanced resistance to moisture in the air
(ambient condition) due to the annihilation of grain boundaries as introduced previously, the direct
contact with aqueous solutions is still fatal to perovskites since the organic cation can be dissolved
into the water. Therefore, the direct fabrication of perovskite single crystals with conventional
nano/micro-fabrication techniques like photolithography is impossible.
Other single-crystal halide perovskites thin film growth techniques are also reported. A
solution-based printing method for single-crystal halide perovskite thin film on a Si wafer is
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reported77. However, this method shows a limited selection of the substrates due to the high
selectivity. Single-crystal halide perovskite thin film growth methods based on the surface tension
at the solution/air interface are also reported78,79. However, the growth of these thin films is less
controllable because of the growth condition. Therefore, a single-crystal metal halide perovskite
growth technique with controllability of the growth site, morphology, and thickness is needed.

2.3 Homoepitaxial Growth of Single-crystal MAPbBr3 and Morphology Control
Compared with the weak van der Waals epitaxy using conventional single-crystal
substrates, homoepitaxy provides insight into forming stable chemical bonds at the interface for
controllable and uniform epitaxial growth80. In this case, a perovskite single crystal will be used
as the substrate, and the same perovskite will be epitaxially grown on the substrate. Meanwhile, a
patterned mask on the substrate fabricated by the conventional photolithography is required to
grow patterned structure. In this study, MAPbBr3 is used as an illustration. Single-crystal
MAPbBr3 substrates are grown by evaporating the solvent of the MAPbBr3 solution. To prepare
the MAPbBr3 solution, CH3NH3Br (MABr, 0.748 g) is dissolved in anhydrous DMF (4 mL, 99.8%,
Aldrich) in a 20 ml glass vial. Then, PbBr2 (2.452 g, 98%, Acros) is added into the glass vial with
stirring to get nearly saturated clear MAPbBr3 solution. The solution is filtered, and the singlecrystal MAPbBr3 substrates can be obtained by evaporating the solvent under ambient conditions.
MABr is synthesized by a previously reported method81. Methylammonium bromine (MABr) was
synthesized as the precursor for the substrate growth. First, 20 ml methylamine (40% in methanol,
Tokyo Chemical Industry Co.) and 21.2 mL hydrobromic acid (48 wt% in water, Sigma Aldrich)
are mixed in an ice bath, and the temperature is maintained for the reaction to continue for 2 hours.
The mixture was heated up to 80 ̊C to evaporate the solvent. The precipitate was dissolved in
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anhydrous ethanol (Sigma Aldrich) at 80 ̊C and cooled down for recrystallization. The crystals
were then centrifuged with diethyl ether and dried at 80 ̊C for overnight.
To ensure that our MAPbBr3 substrate can survive the aqueous solutions used in the
photolithography process, we deposit a dense and water-resisting polymer layer (Parylene-C, 50500 nm) onto the surface of perovskite substrate so that the perovskite substrate can be isolated
from the aqueous environment during the photolithography process. Meanwhile, we also
sequentially deposit a layer of Cr and Au as the adhesion layer and electrode, respectively. In this
case, the mask consists of Parylene-C/Cr/Au also serve as moisture protection and electrode. With
the help of photolithography and etching, we can pattern the mask and expose the underlying
MAPbBr3 substrate surface for epitaxial growth sites. Figure 3a shows the schematic illustration
of this fabrication process, and Figure 3b shows the optical images of each process. Parylene-C,
Cr, and Au are sequentially deposited onto the MAPbBr3 substrate. Photoresist AZ-1512 is
deposited, and a photolithography patterning process is done. Sequential etching removes the
Au/Cr/Parylenen layer in the exposed pattern. After the patterning and etching process, the
MAPbBr3 substrate with a patterned mask can be obtained. The patterns partially expose the
MAPbBr3 substrate surface so that the exposed surface can serve as the preferential growth site
for epitaxial growth. We note that, for the first time, the direction fabrication on perovskite can be
achieved with our method56.

14

Figure 3. Illustration of the fabrication process.
a, Schematic fabrication process. Parylene-C/Cr/Au are sequentially deposited on MAPbBr3
substrate. After the etching process, the substrate surface is exposed in the pattern for sequential
epitaxial growth. b, Optical images of the fabrication and growth process. The zoom-in images of
the substrate after photolithography, etching, and epitaxial growth are shown in the lower right,
middle, and left image, respectively
The patterned MAPbBr3 substrate is then placed into a room-temperature MAPbBr3
solution, and the solution is heated to different temperatures for epitaxial growth with inverse
temperature crystallization method. Starting from the exposed substrate surface, the epitaxial
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MAPbBr3 gradually fills the patterns and grows out to form micro-arrays (Figure 4). The as-grown
micro-arrays are in direct contact with the mask, which also serves as the bottom electrode for
electronic device applications.

Figure 4. Schematic cross-section for the growth process of the epitaxial MAPbBr3
microarrays.
The epitaxial MAPbBr3 grows from the substrate surface in the exposed pattern, fills the entire
pattern, and grows out of the pattern. Afterward, the epitaxial MAPbBr3 will grow both
horizontally and vertically, forming contact with the surface of the bottom electrode.
Figure 5a shows the large-area top-view SEM image of the as-grown single-crystal
MAPbBr3 microcubes arrays. Due to the epitaxial relationship, the MAPbBr3 microcubes are
highly ordered with perfect alignment. Meanwhile, strong chemical bonds are formed at the
homoepitaxial interface between the substrate and the epitaxy, contributing to the large-area
growth with excellent uniformity and coverage. Figure 5b, 5c, and 5d show the close view of the
MAPbBr3 microcubes, microrods, and microplates, respectively. We note that the morphology of
the MAPbBr3 microarrays is controlled by the circle-shape pattern size and growth temperature:
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high temperature (>80 °C) with small pattern (<5 μm) will result in the rod-like structure; low
temperature (<60 °C) with large pattern (>10 μm) will lead to plate-like structure; low temperature
(<60°C) and medium-sized pattern (5–10 μm) could generate the cubic-like structure. These
crystals are uniform in size, indicating a high degree of controllability. Besides, we also achieve
the growth orientation control by exposing different crystal planes of the substrate. Figure 5e and
5f show the SEM images of the <101>- and <111>-oriented MAPbBr3 microarray, respectively.
These orientation control of the MAPbBr3 microarray provides the platform for investigating the
merit of different crystal planes in carrier dynamics studies82.
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Figure 5. Controllable homoepitaxial growth of the MAPbBr3 microarrays.
a, Large-area SEM image of the <100>-oriented MAPbBr3 microcubes arrays. b, SEM image of
the <100>-oriented MAPbBr3 microcube arrays. c, SEM image of the <100>-oriented MAPbBr3
microrod arrays. d, SEM image of the <100>-oriented MAPbBr3 microplate arrays. e, SEM image
of the <101>-oriented MAPbBr3 microarrays. f, SEM image of the <101>-oriented MAPbBr3
microarrays. Our results show that the uniformity of the epitaxial MAPbBr3 microarrays,
indicating the controllability over morphologies and orientations.
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Energy Dispersive X-ray (EDX) spectroscopy is also carried on the SEM to confirm the
composition of the epitaxial MAPbBr3 microarrays. Figure 6a shows the EDX element mapping
and Figure 6b shows the EDX spectrum of a microcube. Both results confirm the element
composition of the epitaxial MAPbBr3 microarrays.

Figure 6. EDX study of the epitaxial MAPbBr3 microcube.
a, EDX element mapping of an epitaxial MAPbBr3 microcube. b, EDX spectrum shows that Pb,
Br, and N are presented.
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2.4 Structural and Optical Characterizations of Homoepitaxial MAPbBr3
To study the crystallographic relationship between the epitaxial MAPbBr3 microarrays and
MAPbBr3 substrate, XRD is carried out. Figure 7a shows the XRD θ-2θ scan of the MAPbBr3
powder and the ω-2θ scan of the (001) epitaxial MAPbBr3 microarrays. Results show that the
epitaxial MAPbBr3 microarrays gain a preferential out-of-plane crystallographic orientation due
to the homoepitaxial relationship with the substrate. Diffraction peak from any other crystal plane
is absent, indicating the uniformity of the as-grown MAPbBr3 microarrays. 2D-XRD results of the
virgin substrate and the as-grown epitaxial MAPbBr3 microarrays are shown in Figure 7b. The 2DXRD patterns of both the substrate and the epitaxy MAPbBr3 microarray exhibit only three
dominant diffraction peaks, attributed to the (100), (200), and (300) reflections of the cubic
structure MAPbBr3, demonstrating their high degree of crystallinity. The two sets of peaks from
the substrate and epitaxial crystals show perfect alignment, indicating the epitaxially
crystallographic relationship between the substrate and MAPbBr3 microarrays. We note that the
epitaxial crystals show brighter diffraction rings because the intensity is the sum of the diffraction
from each individual microcrystal.
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Figure 7. Crystallographic study of the epitaxial MAPbBr3 microarrays.
a, XRD Comparison between the MAPbBr3 powder and epitaxial MAPbBr3 microarrays. Results
show that the epitaxial MAPbBr3 microarrays have gained a preferential out-of-plane orientation.
b, 2D-XRD of the MAPbBr3 substrate and the as-grown epitaxial MAPbBr3 microarrays. Results
indicate the epitaxially crystallographic relationship between the substrate and MAPbBr3
microarrays.

2.5 Crystalline Quality and Carrier Dynamics Characterizations of the Homoepitaxial
MAPbBr3
The successful growth of the homoepitaxial MAPbBr3 microarrays with controllable
morphology and orientations provide a platform for the single-crystal perovskite devices56. To
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demonstrate that the epitaxial MAPbBr3 microarrays also exhibit enhance quality and property for
high-performance devices, the studies of the crystalline quality and the carrier dynamics are carried
out. Since the structural defects are directly related to the sub-bandgap electronic traps, we
performed trap density characterization to study the crystalline quality of the epitaxial MAPbBr3
microarrays with the space-charge-limit-current (SCLC) measurement. By filling the electronic
traps with the injected charged carriers, SCLC measurement can reveal sub-bandgap trap density
through the study of the I-V characteristic curves. A thin layer of Au is deposited onto the epitaxial
MAPbBr3 microarray as the top electrode. We note that the SCLC measurements are carried out
by a Keithley 2400 source meter and a customized probe station in a dark environment.
In SCLC measurement, the log-log I-V characteristic curves show different regions of
behavior. At low voltages, the I-V curves exhibit a typical ohmic conduction behavior, where the
current is linearly related to the applied voltage. In this region, the quantity of the thermally
generated free carriers exceeds that of the externally injected carriers83. With increasing the applied
voltage, the externally injected carriers gradually increase and start to fill the traps. Therefore, a
trap-filling process is identified by the end of the linear ohmic region. VTFL is extracted by finding
the voltage where the ohmic region ends. The extracted VTFL in samples with different strains are
used to evaluate the trap density. Trap density of the epitaxial film can be calculated by:

VTFL =

ent d2⁄
2ɛɛ0

(2)

where d is the layer thickness, ɛ is the relative dielectric constant of MAPbBr3 and ɛ0 is the
vacuum permittivity. Figure 8a shows the I-V characteristic curve of the epitaxial MAPbBr3
microarray, and a 0.12 V trap-filling voltage can be extracted from the I-V curve. Based on the
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0.12 V trap-filling voltage, the trap density of the epitaxial MAPbBr3 microarray is calculated to
be 5.29×1010 cm-3, which is on par with that of the bulk MAPbBr3 single crystals. The calculated
trap density is also much lower compared with that of the polycrystalline MAPbBr3 (~1015 cm-3),
showing that the epitaxial MAPbBr3 microarrays have high crystalline quality with minimum
defect density. Low trap density also contributes to the reduced carrier non-radiative
recombination and the enhanced carrier dynamics. Figure 8b shows the carrier lifetime
characterizations in the epitaxial MAPbBr3 microarrays and polycrystalline MAPbBr3 by using
time-resolved photoluminescence (TRPL) spectroscopy. TRPL measures the radiative decay of
the charged carriers upon excitation by the incident photons. We note that the carrier lifetime can
be extracted by fitting the TRPL radiative decay by the component exponential decay equation.
Results show that the extracted carrier lifetime in the epitaxial MAPbBr3 microarrays is much
longer than that of the polycrystalline MAPbBr3, indicating the severe non-radiative carrier
recombination in the polycrystalline MAPbBr3. Due to the enhanced crystalline quality and
reduced trap density, the epitaxial MAPbBr3 microarrays have minimum trap-assist non-radiative
carrier recombination and exhibits a longer carrier lifetime. We note that the carrier lifetime is
calculated by fitting the TRPL decay intensity with the exponential decay equation.
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Figure 8. Crystalline quality and carrier dynamics study of the epitaxial MAPbBr3
microarrays.
a, I-V characteristic curve of an epitaxial MAPbBr3 microcube. Inset, schematic measurement
setup. b, TRPL decay of an epitaxial MAPbBr3 microcube and a polycrystalline MAPbBr3 thin
film. Results indicate a much longer carrier lifetime in the epitaxial MAPbBr3.
To further study the carrier dynamics of the epitaxial MAPbBr3 microarrays, carrier
mobility is characterized by the Hall effect measurement (Lake Shore Hall measurement system
HM 3000) with the four contacts van der Pauw method60. We note that the insulating Parylene-C
serves as the only mask layer to avoid introducing the bottom electrode. This measurement is
carried out on the epitaxial MAPbBr3 thin films by merging the microarrays with elongated growth
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time. Four Au contacts are deposited on the surface of epitaxial thin film by e-beam evaporation.
At a growth temperature of 40 °C, the carrier mobility of the epitaxial MAPbBr3 thin film is
measured to be 82 cm2 V-1 s-1, which is much higher than the reported value for polycrystalline
MAPbBr3. We conclude that the grain boundaries annihilation and the reduction of the structural
defect decrease the scattering of the charged carriers, leading to the enhanced carrier mobility in
the single-crystal epitaxial MAPbBr3.

2.6 Single-crystal MAPbBr3 for Micro-LED Applications
Previous studies show that the first controllable epitaxial growth of MAPbBr3 microarrays
demonstrate a superior crystalline quality and carrier dynamics, which is comparable to those of
the bulk perovskite single crystals. We then focus on transferring our advanced single-crystal
growth platform to the fabrication of high-performance single-crystal perovskite electronic devices
with vertical device structure and reduced dimensions. Compared with those perovskite devices
with simple planar structure, perovskite LEDs require a sophisticated vertical device structure with
appropriate emitter thickness to achieve balanced and efficient charged carrier injection. Due to
the complicated transporting layer/electrode integration and unsuccessful perovskite epitaxial
growth with uniformity, the study of the vertical single-crystal perovskite electronic devices with
scalability is still in its infancy. The platform we demonstrated overcome these difficulties. The
insertion of the water-resist Parylene-C layer enables the direct fabrication of the single-crystal
perovskite substrates for sequentially patterned epitaxial growth. The strong chemical bonds
formed at the interface ensure the coverage of the epitaxial perovskites and the controllability of
the morphology as well as orientation. Meanwhile, the underlying mask can also serve as the
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bottom electrode for a high-performance vertical device structure. In recent years, the concept of
micro-LEDs has been seen as the next-generation display technique. The individual control of the
self-emitting pixel with a dimension less than 100 µm provides ultrahigh resolution and contrast.
Our epitaxial perovskite microarray perfectly matches this concept with controllable morphology
and large-area uniformity. Besides, the annihilation of the grain boundaries and the decreased
structural defects in single-crystal perovskite also inhibit the non-radiative carrier recombination.
Therefore, single-crystal micro-LEDs based on the epitaxial MAPbBr3 microarray are
demonstrated.
To achieve balanced and efficient carrier injection to the epitaxial microarray, a layer of
poly(3,4-ethylenedioxythiophene):poly(styrensulfonate) (PEDOT:PSS) is deposited as the hole
transporting layer between Au and MAPbBr3. To deposit PEDOT:PSS layer, 0.5 mL PEDOT:PSS
(Aldrich) is mixed with 10 mL anhydrous IPA, and the mixture is treated under ultrasound for 30
min to ensure homogeneous dissolution. After this, a layer of PEDOT:PSS (~200 nm in thickness)
is deposited onto the Au layer using a spray gun, with the substrate on a hot plate at 80 °C to
instantaneously evaporate the solvent. Then, sequential deposition of layers of Parylene-C,
poly(methyl methacrylate) (PMMA), and SiO2 on top of the PEDOT:PSS is made to assist
patterning of PEDOT:PSS. We note that the thickness of each layer would not affect the fabrication
process as they are sacrificial materials to be removed. Specifically, the Parylene-C layer on the
PEDOT:PSS helps to fix the PEDOT:PSS layer during the Au wet etching process to avoid the
loss of PEDOT:PSS. We note that the spin-coated PMMA helps increase the adhesion between
Parylene-C and SiO2. The SiO2 layer serves as a top patterning and etch-stop layer. After this, a
photoresist is spin-coated onto the SiO2 layer for photolithography. In the etching process, SiO2,
Parylene-C, PMMA, PEDOT:PSS, and Cr are removed by dry etching, and Au is removed by wet
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etching. Then the patterned perovskite/Parylene-C/Cr/Au/PEDOT:PSS structure is obtained.
Based on this structure, epitaxial MAPbBr3 microarrays are grown from solution. After growing
the epitaxial crystal arrays (≈5 μm in thickness), a photoresist is spin-coated on the epitaxial single
crystal arrays to form an insulation layer. Slight etching of the insulation layer would expose the
top portion of the epitaxial crystal array, while the bottom portion and the bottom substrate were
still insulated by the photoresist layer. A layer of indium tin oxide (≈200 nm in thickness) was
deposited by sputtering to form the top electrode of the final LEDs. The schematic fabrication
process is illustrated in Figure 9.
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Figure 9. Schematic fabrication process of the single-crystal MAPbBr3 micro-LEDs.
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Figure 10a shows the flat band energy-level diagram of the LED. In this structure, the
MAPbBr3 serves as the light-emitting layer while the PEDOT:PSS layer serves as the holetransporting and electron-blocking layer simultaneously by virtue of its high ionization energy and
low electron affinity. By controlling the growth rate, we obtained epitaxial MAPbBr3 single
crystals, with ≈5 μm in height and ≈20 μm by 20 μm in footprint, which allows forming a robust
contact with the bottom electrode. A working green LED array is shown in Figure 10b. The light
intensity in each crystal is uniform, which is attributed to the high crystal quality observed in our
material characterizations. The color of the individual pixel is almost white dues to the high
emission intensity. The electroluminescence (EL) at different voltages at room temperature is
shown in Figure 10c. The intensity increases with increasing the drive voltage without any
emission peak shifting, which indicates the absence of radiative decay84. The dominant emission
peak is at around 540 nm with a full width at half maximum of about 30 nm. The integrated EL
intensity under different driving voltages demonstrated a saturating tendency from 8 V with the
intensity slightly decreasing at 9 and 10 V, which may be due to the inevitable heating effect at
high current density levels85. The rapid saturation in current density in Figure 10d also
demonstrated an efficient carrier injection and transport in the epitaxial MAPbBr3 microarray,
further indicating that the leakage current, usually found in polycrystalline thin film-based
devices86, is low. The turn-on voltage for different devices displays some variability, with most
devices having a low turn-on voltage from 2 to 3 V (Figure 2.8e). Figure 10f shows that the
maximum external quantum efficiency (EQE) of 6.1% was achieved at 9.0 V, which is an order of
magnitude higher than similar devices but with polycrystalline materials87,88. This maximum EQE
yields an internal quantum efficiency (IQE) of 28.2%, considering the 21.6% transmission of the
top electrode89. The increase in EQE with increasing applied voltage and current density suggests
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that a high density of charges is required for efficient radiative recombination. Future studies will
focus on improvements such as optimization of the hole and electron transport layer design90 and
layer interface engineering91. In conclusion, we demonstrated the first single-crystal metal halide
perovskite LEDs based on our controllable homoepitaxial MAPbBr3 microarray growth and
fabrication platform.
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Figure 10. Characterization of the single-crystal MAPbBr3 micro-LEDs.
a, Schematic energy diagram of the MAPbBr3 micro-LEDs. b, Optical image of the MAPbBr3
micro-LEDs under illumination. c, EL spectra of the MAPbBr3 micro-LEDs. d, Current density of
a working LED array under different driving voltages. e, Summary of turn-on voltages needed to
light up the epitaxial single crystal LEDs. f, EQE, transmission, and IQE of the epitaxial singlecrystal LED array. An EQE of 6.1% is achieved at 9.0 V.
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2.7 Conclusion
In this chapter, we demonstrate, for the first time, the homoepitaxial growth of high-quality
metal halide perovskite microarray with controllable morphologies and orientations. Due to the
strong chemical bonds between the epitaxial layer and the substrates, the epitaxial thin film
achieved an extremely high uniformity and coverage. The compositional diversity of the epitaxial
layer can be realized by selecting the corresponding growth solutions and substrates.
The novel direct fabrication of the metal halide perovskite single-crystal substrate also
enables a platform to integrate vertical device structure with the bottom electrode and transporting
layer in single-crystal perovskite electronic devices, which provides insight into high-performance
perovskite devices. This overcomes the current limit in single-crystal perovskite device design,
where the vertical device structure with the bottom electrode integrated is still challenging. Based
on our novel platform, we demonstrated the first single-crystal metal halide perovskite microLEDs.
Chapter Two, in full, is a reprint of the material ‘Controllable Homoepitaxial Growth of
Hydrid Perovskites’, Lei, Y., Chen, Y., Gu, Y., Wang, C., Huang, Z., Qian, H., Nie, J., Hollett, G.,
Choi, W., Yu, Y., Kim, N., Wang, C., Zhang, T., Hu, H., Zhang, Y., Li, X., Li, Y., Shi, W., Liu,
Z., Sailor, M., Dong, L., Lo, Y., Luo, J., Xu, S., Advanced Materials, 2018, 30, 1705992. The
dissertation author was the primary investigator and co-first author of this paper.
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Chapter 3. Strain Engineering of Metal Halide Perovskites by Heteroepitaxial Growth

3.1 Motivation for Metal Halide Perovskite Strain Engineering
Strain engineering has demonstrated to be a powerful and versatile tool to tune and improve
material properties, such as semiconductors (such as Si92 and GaN93), transition metal oxides (such
as BiFeO394 and LaAlO395), and emerging two-dimensional materials (such as graphene96 and
MoS297). By interplay between spin, lattice, charge, and orbital degrees of freedom, strain (either
biaxial or uniaxial) allows precise controlling and engineering of the electronic band structure98,
carrier dynamics99, metal-insulator transitions100, multiferrocity101, and high-temperature
superconductivity102. Besides, strain creates novel functionalities like two-dimensional electron
gas103, topological Hall effect104, multiferroic105, and colossal ionic conductivity106 at
heterostructural interfaces, which are absent in their bulk freestanding form.
Besides providing alternatives for engineering material properties and functionalities, the
static elastic deformation can also effectively tune the device performance. The slow-down in
metal oxide semiconductor FET (MOSFET) scaling due to the physical limits requires alternative
techniques to further enhance the device performance. Strained Si, Ge, and SiGe have been
successfully applied in fabricating high mobility MOSFET for fast switching107. Similarly,
strained-engineered III-V material GaN also shows potential for high electron mobility transistor.
It has also been shown that the strained III-V multi-quantum well structure with different
dimensions can effectively tune the optical emission range, providing insight into display
technology108. Besides, the strain is also reported to increase the optical efficiency in GaN-based
LED109. For 2D materials like MoS2, strain engineering opens applications in the field of
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photovoltaics by inducing exciton funneling property.
To further improve the performance of metal halide perovskite electronic devices, the
concept of strain engineering has been brought out. Currently, halide perovskite strain engineering
is now receiving increasing attention in the field. Different from the conventional semiconductors
and perovskite oxides, the controllable strain engineering by heteroepitaxial growth of halide
perovskites has not been properly achieved yet, which is due to inappropriate growth methods and
the absence of suitable lattice-mismatched substrates, therefore the lack of strong chemical bonds
formed with the substrates. In this case, a controllable and scalable method for strain engineering
single-crystal halide perovskites is still critically needed.

3.2 Current Studies of Metal Halide Perovskite Strain Engineering
Epitaxial growth of halide perovskites has been reported by many groups, but most of the
works have been van der Waals epitaxy that is absent from strong interfacial chemical
bonds69,110,111. Despite the weak nature of van der Waals bonds, nontrivial effects from van der
Waals interaction to the epitaxial halide perovskites have been demonstrated due to the soft nature
of halide perovskites64. Besides van der Waals epitaxy, chemical epitaxy by forming interfacial
ionic bonds has also been reported71,72. However, due to the extremely high growth temperature
(~500 °C), the interface was destroyed by the high diffusion rate of ions at such a high temperature
and therefore, no interfacial strain could be detected. Other than epitaxial strain, thermally strained
halide perovskites have also been studied. The thermal expansion coefficient difference between
a patterned substrate and the halide perovskite was utilized to induce thermal strain to a perovskite
microcrystal112. A thermally strained halide perovskite by introducing a phase transition of the
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substrate via increasing the temperature has also been demonstrated63. In this case, the thermal
strain is highly dependent on the temperature and the magnitude of the strain cannot be well
controlled.
Besides manipulating single-crystal halide perovskites, researchers are also creating strain
in polycrystalline thin films by a variety of methods. One of the most popular methods is the ion
substitution of a larger/smaller ion that can induce local tensile/compressive strain in the perovskite
lattice113,114. Local compressive strain by small ion substitution was found to improve the stability
of halide perovskites114. It was demonstrated that the local compressive strain by ion substitution
could suppress the vacancy formation in halide perovskites113. Additionally, the crystalline quality
of halide perovskites could be controlled by local strain via ion substitution115. Besides ion
substitution, it was also reported the control of the local strain by light-induced lattice expansion116.
The local strain was found to affect the optoelectronic properties of halide perovskites by creating
defect distribution heterogeneity117. Recently, residual strain in polycrystalline halide perovskite
films induced by the thermal annealing process has been reported. The residual strain in the
polycrystalline methylammonium lead iodide film was found to have an impact on the perovskite
stability118. Also, residual strain in the polycrystalline mixed halide perovskite film was reported
to affect the carrier dynamics119 and phase transition120. Hydrostatic pressurization was another
commonly used method to apply strain to the halide perovskites. The crystal structure121 and
electronic band structure, including bandgap122 and carrier dynamics123,124 were found to be highly
subjective to the applied pressure. Metallic properties of halide perovskites were also reported
under applied pressure125. Although the strain engineering of metal halide perovskites has been
frequently attempted, a controllable method to strain the perovskites is critically needed.
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3.3 Strain Engineering of Heteroepitaxial α-FAPbI3
With the successful demonstration of metal halide perovskite homoepitaxial growth,
heteroepitaxial growth provides insight into the strain engineering of perovskites by introducing a
lattice mismatch at the epitaxial interface. Besides, the miscibility of metal halide perovskites can
effectively tune the lattice constant, which in turn creates a tunable lattice mismatch at the epitaxial
interface.
α-FAPbI3 was epitaxially grown on a series of MAPbClxBr3-x single-crystal substrates by
the reverse temperature growth method126, as illustrated in Figure 11.

Figure 11. Schematic crystal structures of epitaxial α-FAPbI3 on MAPbClxBr3-x substrate.
Schematic crystal structures of α-FAPbI3, MAPbClxBr3-x, and the epitaxial heterostructure
showing the crystallographic orientation of the epitaxial α-FAPbI3 and the MAPbClxBr3-x substrate,
with distorted PbI6 octahedron inorganic framework in the epitaxial layer under compressive
interfacial strain.
Specifically, the substrates were heated to different temperatures, and the preheated FAPbI3
solutions (at 100 °C) are then deposited onto the substrates for epitaxial growth. FAPbI3 solutions
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were prepared by mixing formamidinium iodide (FAI, 99.9%, Greatcell Solar) and lead iodide
(PbI2, 99.99%, Tokyo Chemical Industry) at a molar ratio of 1:1 in gamma-butyrolactone (GBL,
anhydrous, Sigma Aldrich) with different concentrations. The MAPbClxBr3-x substrates with
different compositional ratios are grown by solutions with different Cl/Br precursor molar ratios.
Specifically, MAPbCl3 solution is prepared by mixing 0.6752 g of methylammonium chloride
(MACl, 98%, Tokyo Chemical Industry) and 2.781 g lead chloride (PbCl2, 99%, Alfa Aesar) in a
mixed solution of 5 ml anhydrous dimethylformamide (99.8%, Aldrich) and 5 ml anhydrous
dimethyl sulfoxide (DMSO, 99.8%, Aldrich). MAPbBr3 solution is prepared by mixing 1.120 g
MABr and 3.670 g lead bromide (PbBr2, 98%, Acros) in 10 ml dimethylformamide. The MAPbCl3
and MAPbBr3 solutions are mixed with different ratios. The mixed solutions are kept at room
temperature to slowly evaporate the solvent, and single crystals are collected to use as substrates.
Besides, strain-free α-FAPbI3 single crystals are obtained by heating the FAPbI3 solutions to
120 °C. By controlling the substrate composition, we can tune its lattice parameter and, therefore,
the lattice mismatch/interfacial strain between the substrate and the epilayer127. The Cl/Br molar
ratios in the crystalline substrates are carefully characterized by the powder XRD θ-2θ scan. Figure
12a shows a collection of the (001) peak locations from MAPbClxBr3-x substrates, which,
regardless of the Cl/Br ratio, are reported to have a cubic structure128.
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Figure 12. Characterization of the lattice parameters.
a, Powder XRD patterns of substrates with different ratios of the composition. By tuning the Cl/Br
molar ratio in the growth solution, we can change the Cl/Br ratio as well as the lattice parameter
of the substrate crystal. We note that MAPbCl3.00Br0.00, MAPbCl0.00Br3.00, and their alloys all have
cubic structures. Lattice parameters can be directly calculated by the 2θ peak positions. The inset
is an optical image of the corresponding substrates with different Cl/Br ratios. All powders are
made by grinding the bulk single crystals. Scale bar: 5 mm. b, Powder XRD pattern of α-FAPbI3,
which is used as a reference of strain-free α-FAPbI3. The lattice parameter of cubic α-FAPbI3 is
calculated to be 6.35 Å using the (001) diffraction peak at 13.92°. Peaks from <001> directions
are labeled in red.
The peak position shifts to a higher 2θ angle with increasing Cl ratio, indicating a decrease
in the lattice parameter. The lattice parameters of the MAPbClxBr3-x substrates were calculated by
the Bragg’s Law:

λ = 2dhkl sinθ

(3)

where λ is the incident beam wavelength, θ is the angle of incidence, and dhkl is the lattice dspacing. We note that the XRD measurements are taken by a Rigaku Smartlab diffractometer
equipped with a Cu Kα1 radiation source (λ = 0.15406 nm). With the lattice parameters derived
from XRD measurements, the actual compositions of the substrates can be calculated by Vegard’s
Law127:

aMAPbCl1−x Brx = (1 − x)aMAPbCl3 + xaMAPbBr3
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(4)

where aMAPbCl1−x Brx is the lattice parameter of the mixed crystal, and aMAPbCl3 and aMAPbBr3 are
the lattice parameters of MAPbCl3.00Br0.00 and MAPbCl0.00Br3.00 single crystals, respectively. The
Cl/Br molar ratios of the precursors, the composition of the MAPbClxBr3-x crystal, and the
calculated lattice parameters are summarized in Table 3.1. Besides, Figure 12b shows the XRD θ2θ scan pattern of strain-free α-FAPbI3 powder126. For strain-free α-FAPbI3, the (001) peak
position is at 13.92°, and the corresponding lattice parameter is calculated to be 6.35 Å.
Table 1. Summary of the substrate growth precursor ratios, the resulting substrate
compositional Br ratios, and lattice parameters.
Cl/Br Solution
Ratio
Cl Only
1/2
1/2.5
1/3
1/4
1/6
1/8
1/19
Br Only

Compositional Br
Ratio (%)
0
50.0
58.0
62.1
64.3
76.8
80.6
85.2
100

Formula
MAPbCl3.00Br0.00
MAPbCl1.50Br1.50
MAPbCl1.25Br1.75
MAPbCl1.15Br1.85
MAPbCl1.05Br1.95
MAPbCl0.70Br2.30
MAPbCl0.60Br2.40
MAPbCl0.45Br2.55
MAPbCl0.00Br3.00

Lattice Parameter
(Å)
5.70
5.83
5.86
5.87
5.88
5.89
5.90
5.92
5.95

Heteroepitaxial growth leads to controllable film thickness, preferential growth
sites/orientations, compatible fabrication protocols with existing infrastructures, and scalable
large-area device applications. Figure 13a shows optical images of a series of MAPbClxBr3-x
substrates with a layer of epitaxial α-FAPbI3 film on the top. The epilayer has a uniform thickness
with a well-defined film-substrate interface from Figure 13b cross-sectional SEM image taken
with a Zeiss Sigma 500 SEM operated at 3 kV. The film topography can reveal the growth
mechanism and sometimes defects for strain relaxation.
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Figure 13. Epitaxial α-FAPbI3 thin films.
a, Optical images of the as-grown epitaxial α-FAPbI3 thin films. The high transparency of the
substrates, as well as smooth surfaces of the thin films, demonstrate their high quality. Scale bars:
4 mm. b, A SEM image of the epitaxial thin film with controlled uniform thickness. Scale bar: 2
μm. Inset is a zoomed-in SEM image of the heterostructure showing a well-defined interface. Scale
bar: 200 nm.
A sub-100 nm α-FAPbI3 thin film shows a clear interface (Figure. 13b), and a well-defined
terrain morphology, with a step height close to one layer of the α-FAPbI3 unit cell, indicating a
layer-by-layer growth behavior of the epitaxial α-FAPbI3 (Figure 14a and 14b). A 10 μm film, on
the other hand, shows non-conformal growth, indicating a strain relaxation by dislocation
formation (Figure 14c and 14d). We note that the Atomic Force Microscopy (AFM) measurements
are done by a Veeco Scanning Probe Microscope under a tapping mode.
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Figure 14. AFM morphology characterization of strained and strain-relaxed epitaxial αFAPbI3 films.
a, A topography image and b, the corresponding scanning curve of the red line in a of a strained
epitaxial α-FAPbI3 thin film. c, A topography image and d, the corresponding scanning curve of
the black line in c of a strain-relaxed epitaxial α-FAPbI3 thick film. Results show that the strained
thin film adopts a layer-by-layer growth model. No cracks or holes can be detected. As the film
thickness increases, the total strain energy builds up and generates dislocations that propagate
throughout the film and relax the strain, leading to the formation of cracks and pits. These cracks
and pits are typically regarded as a signature of strain relaxation.
The epitaxial growth conditions are systematically studied (Figure 15a and 15b). FAPbI3
solutions with different concentrations are deposited on the substrates at different temperatures for
epitaxial growth. Since FAPbI3 has an inverse solubility in the GBL solvent, high concentration
and high temperature will accelerate the crystallization of α-FAPbI3. In Figure 15a, the (001) peak
position of the epitaxial α-FAPbI3 is studied as a function of the growth temperature. The vertical
orange line labels the peak position (13.92°) of the strain-free α-FAPbI3. The results show that
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growth temperatures below 180 °C always generate diffraction peaks larger than 13.92°, while
growth temperatures above 180 °C can generate peaks smaller than 13.92°. The diffraction peak
position reveals the out-of-plane lattice parameter of the epitaxial thin film. When the growth
temperature is too high, the crystallization of α-FAPbI3 is fast, and many defects are incorporated,
which would relax the strain in the α-FAPbI3. When the growth temperature is too low, the
crystallization is too slow, and Cl-/Br- ions may dissolve from the substrate and re-crystallize into
the epitaxial α-FAPbI3, forming mixed alloys at the interface, although MAPbClxBr3-x has an
extremely low solubility in GBL. Diffraction peaks larger than 13.92° provide evidence for
uniform lattice contraction caused by the incorporation of smaller Br- and Cl- ions. The epitaxial
growths with different FAPbI3 precursor concentrations are also investigated (Figure 15b). Similar
to the effect of temperature, FAPbI3 precursor concentrations that are too high will result in fast
crystallization and a high defect concentration. Precursor concentrations that are too low will lead
to slow α-FAPbI3 crystallization, and thus the incorporation of Cl-/Br- ions that form alloys at the
interface.
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Figure 15. Study of the growth condition.
a, XRD (100) peak positions of α-FAPbI3 at different growth temperatures. The temperature to
grow α-FAPbI3 with the highest strain is found to be ~180 ̊C. Further increasing the growth
temperature results in a high growth rate and a thick epitaxial layer of α-FAPbI3 and, therefore,
low crystal quality that relaxes the strain. Decreasing the growth temperature below 180 ̊C can
lead to slow crystallization and, thus, a mixed epitaxial alloy layer at the interface, which shifts
the XRD peak position to higher angles. b, XRD (100) peak positions of α-FAPbI3 at different
growth solution concentrations. Concentrations above 1.2 mol L-1 result in high defect
concentration and, therefore, strain relaxation, due to the fast crystallization rate and the thick
epitaxial layer. Concentrations below 1.0 mol L-1 will slow down the crystallization process and
lead to a mixed epitaxial alloy layer at the interface. The vertical dash lines in a and b show the
peak position of a strain-free powder sample.
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We also note that the α-FAPbI3 fails to epitaxially grow on substrates with a Cl ratio higher
than 50% (i.e., higher Cl content than in MAPbCl1.50Br1.50), because higher levels of lattice
mismatch will dramatically increase the strain energy and make the epitaxial growth less
thermodynamically favorable. Figure 16 shows the optical image of growth results on a
MAPbCl2.00Br1.00 substrate prepared using the same method as the other substrates. In this case,
the α-FAPbI3 randomly crystallizes on the substrate, without forming a uniform epilayer; most of
the black α-FAPbI3 crystals undergo a phase transition to yellow δ-FAPbI3 due to the phase
instability of α-FAPbI3 at room temperature.

Figure 16. Optical image of α-FAPbI3 on a Cl-rich substrate.
An optical image of FAPbI3 grown on MAPbCl2.00Br1.00 substrate using the same growth method
as the other substrates. Due to the large lattice mismatch between the substrate and α-FAPbI3, the
α-FAPbI3 crystallizes randomly rather than epitaxially on the substrate surface. The lack of
epitaxial stabilization leads to quick phase transformation from metastable α-FAPbI3 to δ-FAPbI3
at room temperature. Scale bar: 200 μm
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3.4 Structural Characterizations of the Strained α-FAPbI3
The crystallographic relationships between the MAPbClxBr3-x substrates and the epitaxial
α-FAPbI3 thin films are illustrated by High-resolution X-ray Diffraction (HRXRD) (Figure 17).

Figure 17. Structural characterization of the strained α-FAPbI3 by HRXRD.
HRXRD ω-2θ scan of the (001) peaks of the epitaxial samples on different substrates showing the
increase of tetragonality with increasing the lattice mismatch.
In their freestanding form, both α-FAPbI3 and MAPbClxBr3-x have a cubic structure129,130.
The lattice parameters of freestanding α-FAPbI3 (Pm3m space group) and MAPbClxBr3-x
substrates (Pm3m space group) are calculated to be 6.35 Å (Figure 12b) and 5.83 – 5.95 Å (Figure
12a and Table 1), respectively. The ratio x for each composition is then calculated to be 0 - 1.50,
according to the Vegard’s Law (Table 1). As x increases, the MAPbClxBr3-x (001) peaks shift to a
higher 2θ angle, indicating a decrease of the substrates’ lattice parameters and, therefore, an
increase of the lattice mismatch (Figure 17 and Table 2). Meanwhile, the α-FAPbI3 (001) peak
shifts to a lower 2θ angle, indicating an increase of the out-of-plane lattice parameter as the inplain compressive strain increases. We note the strain in the epilayer is not only determined by the
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lattice mismatch, but also the relaxation mechanisms. Lattice distortion relaxes the strain, so the
region near the heteroepitaxy interface has the highest strain, which gradually drops at regions
distant from the interface. The total elastic strain energy increases as the film grows thicker, until
it eventually crosses the threshold energy for structural defect generation, and dislocations will
form to partially relieve the misfit131. A slow growth rate of the epilayer is chosen as it also impacts
the defect concentration in the epilayer. For example, a high growth rate at high temperatures or
with high precursor concentrations generates large defect concentration that significantly
decreases the strain in the epilayer.
Table 2. Summary of epitaxial growth substrates and the corresponding strain measured in
α-FAPbI3.
Substrate Composition
MAPbCl1.50Br1.50
MAPbCl1.05Br1.95
MAPbCl0.70Br2.30
MAPbCl0.60Br2.40
MAPbCl0.00Br3.00

α-FAPbI3 (001) Peak (degree)
13.82
13.84
13.86
13.87
13.89

Strain (%)
-2.4
-1.9
-1.4
-1.2
-0.8

The structures of α-FAPbI3 at different strains (0% – -2.4%, on different substrates) are
also studied by Raman spectroscopy. We note that the Raman spectroscopy measurements are
carried out by a Renishaw inVia Raman spectrometer. Figure 18a shows the strain-dependent
Raman spectra of the epitaxial α-FAPbI3. We attribute the peak at around 136 cm-1 to the stretching
of the Pb-I bond132, increases in intensity and broadens in width as the strain increases. The cubic
structure of strain-free α-FAPbI3 is less Raman-active, and the detectable signal is usually broad
and weak. When in-plane compressive strain increases, the inorganic framework gradually gains
tetragonality and produces a stronger Raman signal with a well-distinguishable shape. What is
more interesting is that at ~-1.4% strain, the peak at 136 cm-1 starts to split into two: a main peak
at ~140 cm-1 and a shoulder at ~133 cm-1 (Figure 18b). When the strain is further increased to -
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2.4%, these two peaks shift to 143 cm-1 and 130 cm-1, respectively. We attribute the blueshift of
the main peak to the compression of the in-plane Pb-I bond, and the redshift of the shoulder peak
to the stretching of the out-of-plane Pb-I bond. This result is also supported by the simulated
Raman spectra by first-principles calculations. To further confirm that the peak broadening in the
Raman spectra originates from the strain-induced lattice deformation, we simulate the Raman
spectra with first-principles calculations by the CASTEP in Materials Studios. The Raman spectra
are simulated from 100 cm-1 to 400 cm-1 to compare with the experimental data. Figure 18c shows
the comparison between the experimental and simulated Raman spectra of the strain-free α-FAPbI3
lattice. Simulated results show a Raman peak at 124 cm-1, which can be assigned to the stretching
of the Pb-I bond. This is correlated with the Raman peak at ~136 cm-1 in the experimental result.
Underestimations of the simulated Raman peak wavenumbers are commonly reported133-135.
Possible explanations may be that the anharmonicity of the bonds and the van der Waals
interactions (between the inorganic cages and organic cations) can affect the simulated results134.
Besides, the assignment of the Pb-I stretching peak also agrees with the reported studies136,137.
Meanwhile, we also identify a weak peak at 377 cm-1 from the simulated Raman spectrum, which
can be assigned to the bending of the FA+ cation. However, this peak vanishes in the experimental
spectrum, probably because the organic cations in halide perovskites are highly dynamic in the
inorganic framework129,138,139. The reorientation of the cation will lead to the weakening of the
peak under room temperature140. This is also the reason why low-temperature Raman, which can
freeze the orientation of the organic cation, can resolve the signal from the organic cations in halide
perovskites134,140. Note that the weak Raman band at ~250 cm-1 from the experimental Raman
spectrum is assigned to the Pb-O bond induced by the laser oxidation136. We then apply -2.4%
strain to the α-FAPbI3 lattice and comparison between the experimental and simulated Raman
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spectra of the strained α-FAPbI3 lattice is shown in Figure 18d. An obvious peak splitting due to
the in-plane Pb-I bond compression and the out-of-plane Pb-I bond stretching can be observed
from the simulated Raman spectrum. This agrees with the experimental Raman peak, which shows
obvious broadening due to the peak splitting. In fact, the strain-induced Raman peak splitting is
also reported in other materials141-143. We also notice the increase of the peak intensity, which is
due to the breakage of the Raman-inactive cubic symmetry144. Therefore, we demonstrate that the
Raman peak broadening originates from the strain-induced peak splitting. Strain leads to the inplane compression and out-of-plane stretching of the Pb-I bonds in the α-FAPbI3 lattice, splitting
the Pb-I stretching peak, and broadening the peak FWHM. We note that the control experiments
exclude any the Raman signals from the substrate (Figure 18e).
Besides, we also studied the Raman spectra of α-FAPbI3 of various thicknesses on
MAPbCl1.50Br1.50 (Figure 18f). The results are consistent: a strong and sharp peak is detected from
a sub-100 nm film with -2.4% strain, while a weak and broad peak is detected from a ~2 μm film,
where the misfit strain is relaxed near the film surface.

48

Figure 18. Structural characterization of the strained α-FAPbI3 by Raman spectroscopy.
a, Confocal Raman spectra of the epitaxial layer at different strains. The evolution of the shape
and intensity of the peak with the strain is attributed to the increase in lattice tetragonality under
higher strain. Note that the peak at ~250 cm-1 is attributed to the Pb-O bond induced by the laser
oxidation. b, Fitting analysis of the Raman peaks. The peak at 136 cm-1 from the strain-free sample
is attributed to the Pb-I bond. With increasing compressive strain, the peak gradually blueshifts as
the bond becomes more rigid, and finally splits into a main peak that blueshifts (due to in-plane
bond contraction) and a shoulder peak that redshifts (due to out-of-plane bond extension). The
comparison of the experimental and simulated Raman spectra of the c, strain-free, and d, -2.4%
strained α-FAPbI3 lattices. The discrepancy between experimental and simulated Pb-I stretching
wavenumbers may be due to the anharmonicity of the bonds and the van der Waals interactions
between the inorganic cages and organic cations. For the strained lattice, an obvious peak splitting
takes place in both the experimental and the simulated spectra. The splitting of the Pb-I symmetric
stretching peak originates from the in-plane compression and out-of-plane stretching, while the
intensity enhancement comes from the breakage of the cubic symmetry. The weak FA+ cation
bending peak at 377 cm-1 fails to be detected, which is due to the dynamic FA+ cation rotation at
room temperature. e, Raman spectra of MAPbCl0.00Br3.00, MAPbCl0.60Br2.40, MAPbCl0.70Cl2.30,
MAPbCl1.05Br1.95, and MAPbCl1.50Br1.50 substrates with a 488-nm laser as the excitation source.
No Raman signals can be detected in the wavenumber range of interest. Therefore, possible
interference from the substrates can be excluded. f, Thickness-dependent Raman spectra of -2.4%
strained α-FAPbI3 samples. Strained α-FAPbI3 thin film has a sharp and strong signal, which can
be attributed to the increased tetragonality of the crystal structure. As the film thickness increases,
the strain gets gradually relaxed and the lattice transforms back to less Raman-active cubic
structure. The Raman peak position also shifts to lower wavenumbers because of the softer and
longer Pb-I bonds (inset image).
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3.5 Optical Characterizations of the Strained α-FAPbI3
Epitaxial strain effectively deforms the lattice structure of α-FAPbI3, which will affect its
electronic band structure and tune the optical and electrical properties of α-FAPbI3.
Photoluminescence (PL) spectra (Figure 19a) reveal changes in the bandgap of a sub-100 nm
epitaxial α-FAPbI3 thin films under different strain (0% – -2.4%, on different substrates). The PL
peak of α-FAPbI3 gradually shifts from ~1.523 eV at 0% strain to ~1.488 eV at -2.4% strain,
corresponding to a ~35 meV reduction in the bandgap. We note that the PL measurements are
carried out by a Renishaw inVia Raman spectrometer. To confirm whether the redshift of PL peaks
is caused by the in-plane compressive strain, several possible mechanisms are discussed. It has
been reported that as the perovskite thickness decreases, surface charges will induce depletion
micro-electric field near the perovskite surface and increase the bandgap, which causes the PL to
blueshift145,146, opposite to this case here. Thus, this surface field effect can be ruled out. We also
rule out the possibility of reabsorption of short-wavelength photons by the material itself, which
may cause PL redshift. This effect is only observed in bulk crystals and thick films (>1 μm in
thickness) and can be neglected for <100 nm films147. Additionally, the possible incorporation of
Br or Cl element is excluded since those foreign atoms will lead to PL blueshift148. Hence, we can
conclude that the PL redshift is due to the compressive strain generated by the lattice mismatch.
The absorption spectrum is also studied to validate the bandgap measured by PL. We note
that improper measurement methods can lead to inaccurate results in both absorption and PL. For
example, the absorption spectrum of thick materials obtained by the transmission mode cannot
distinguish the light being absorbed or being scattered due to the large thickness of the sample149.
Meanwhile, PL emission peaks show dependence on the illumination intensity150 as well as
material dimensions145. Therefore, absorption and PL measurements can be used to validate each
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other. Due to the large thickness (1 to 2 mm) and the high absorption coefficients (~105 cm-1) of
the substrates, light transmittance cannot be detected151. Therefore, we adopt the reflection mode
of UV-VIS to detect the absorption onset of the samples. The collected absorption results (Figure
19b) also demonstrate a red-shift when the strain goes up, which is consistent with the PL
measurements.

Figure 19. Strain-dependent bandgap of the epitaxial α-FAPbI3.
a, PL spectra of α-FAPbI3 at different strains. The redshift of the PL peak with strain is due to
bandgap reduction under compressive strain. b, The absorption spectra of the strained α-FAPbI3
thin films. The absorption onset redshifts with the increasing strain, which agrees with the PL
spectra and prove that the strain can alter the bandgap of the α-FAPbI3.
The bandgap change is consistent with the first-principles calculations and absorption
measurements (Figure 20). First-principles calculations allow a better understanding of the
structural deformation and prediction of any emerging new properties. Cubic α-FAPbI3 unit cells
are calculated with the N-N axis of the FA+ cation along (001), (101), and (111), respectively (left
panel of Figure 3.10). These three low Miller index directions represent FA’s typical orientations,
and their calculated total energies could reveal potential orientation preferences. As the first step,
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we optimized the cubic lattice parameter for each orientation to obtain the lowest total energy. Our
calculations show a = 6.35 Å for the FA along (001), a = 6.40 Å for the FA along (101), and a =
6.37 Å for the FA along (111). The optimized structure with the FA along (101) has the lowest
total energy of -52.73 eV, and the optimized structure with the FA along (001) shows the highest
total energy of -52.68 eV. The total energy difference between these two structures is within 50
meV, and thus the structural model with FA along (101) direction was used in our calculations.
Then we applied bi-axial strains in the ab-plane of the optimized structure for each orientation.
The range is from 3% tensile strain to -3% compressive strain. The strained cells keep their original
FA orientation after optimization along the z-direction. The calculated bandgap energy (lower right
of Figure 20) and cell volume (upper right of Figure 20) are displayed as a function of the bi-axial
strain. The cell volume decreases as the strain changes from tensile to compressive for each FA
orientation. This is a result of the decreased a and b and slightly increased c. The bandgap decreases
as well when the strain changes from tensile to compressive for each FA orientation.
We note that the first-principles DFT calculations were performed using the Vienna ab
Initio Simulation Package152. Electron-ion interactions were described using the Projector
Augmented Wave pseudopotential153. Electron-electron exchange-correlation functional was
treated using the Generalized Gradient Approximation parametrized by Perdew, Burke, and
Ernzerhof154. For bandgap calculations, spin-orbit coupling (SOC) was incorporated due to the
heavy element Pb, and hybrid functionals within Heyd–Scuseria–Ernzerhof (HSE) formalism with
25% Hartree–Fock (HF) exchange were employed. A cutoff energy of 400 eV for the plane-wave
basis set was used. All structures were fully optimized until all components of the residual forces
were smaller than 0.01 eV/Å. The convergence threshold for self-consistent-field iteration was set
at 10-5 eV.
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Meanwhile, we notice that there is a quantitative discrepancy between the calculated
bandgap reduction (~120 meV) and the experimental bandgap reduction (~35 meV) under -2.4%
compressive strain. Note that the first-principle calculations of the strain-dependent bandgap serve
as a general prediction. The main purpose is to predict the trend of the change instead of showing
quantitative agreement with experimental results. Due to the approximation in the exchangecorrelation functionals, deviation in the order of 102 meV in calculated bandgap energy from
experiments is within a reasonable and tolerable range. Additionally, the geometry approximation
of the strained lattice model doesn’t reveal the actual deformation of the strained lattice. For
example, the lattice parameters a and b are set to be different values to mimic different in-plane
biaxial strain levels in the simulation, which changes the bond length between atoms. In real lattice
deformation, however, the bond angle will also change to accommodate the in-plane biaxial strain
(e.g., by octahedral rotation). Therefore, the calculated values can be different from the
experimental values.

Figure 20. First-principles calculations of the strained α-FAPbI3.
Evolution of the bandgap as a function of strain for three α-FAPbI3 lattices with different FA+
organic cation orientations.
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Additionally, we studied the focal-point-dependent confocal PL spectra at different
locations in a ~3 μm α-FAPbI3 film on MAPbCl1.50Br1.50 (Figure 21a). The PL peak shifts from
~1.479 eV when the laser is focused at the interface where the local strain is high, to ~1.523 eV at
3 μm from the interface where the strain is relaxed. As a control, the PL redshift in a strain-free
sample is less obvious (from ~1.516 eV to ~1.523 eV, Figure 21b), which is attributed to
reabsorption147. Besides, focal-point-dependent confocal PL spectra of a mixed epitaxial α-FAPbI3
grown at a low temperature indicate that increasing the focus depth causes the PL peak to blueshift,
which is due to the increase of Br and Cl incorporation in the epitaxial layer (Figure 21c).
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Figure 21. Focal-point-dependent confocal PL measurements of the strained, strain-free and
mixed α-FAPbI3.
a, Focal-point-dependent confocal PL spectra of a 3 μm thick film. When the focal point moves
towards the epitaxial interface, the PL emission peak shifts from ~1.523 eV to ~1.479 eV, which
is due to the large compressive strain close to the interface. b, Focal-point-dependent confocal PL
spectra of a strain-free α-FAPbI3 bulk crystal. The redshift of the PL peak from ~1.523 eV to
~1.516 eV, less pronounced than the PL peak redshift of the strained sample in a, is due to
reabsorption. c, Focal-point-dependent confocal PL spectra of a mixed epitaxial α-FAPbI3 grown
at a low temperature. The increase of focus depth causes the PL peak to blueshift, due to the
increase of Br and Cl incorporation in the epitaxial layer.
Temperature-dependent PL studies show the bandgap of α-FAPbI3 under both 0% and 2.4% strain shows a strong temperature dependence due to the soft nature of α-FAPbI3 (Figure
22)122. Due to the soft nature, external stimuli (i.e., temperature, pressure) can effectively alter the
lattice structure of halide perovskites, and, therefore, change the electronic band
structures122,124,155. Under such considerations, temperature-dependent PL was studied on both
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epitaxial α-FAPbI3 and free-standing α-FAPbI3. Epitaxially grown thin films are subjected to the
lattice deformation of the substrates due to the strong chemical bonds at the interface and the much
bulkier size of the substrate. In this case, the epitaxial film will adopt a similar thermal expansion
coefficient αt to that of the substrate156. A reported study has shown that the αt of halide perovskites
are subjected to the molecular radius of halides. Therefore, the I-based perovskite epitaxial layer
will have a larger αt due to the large radius of I- than the Br- and Cl- based halide perovskite
substrate157, and the epitaxial α-FAPbI3 on a Br- and Cl- based substrate exhibited a reduced
temperature dependency compared with the freestanding α-FAPbI3. Additionally, if the substrate
has a larger αt than that of the strained layer, we should expect to see the strained sample has a
stronger temperature dependence than that of the free-standing sample. Our temperaturedependent PL results show that the strained sample bandgap is less temperature-dependent
compared to the strain-free sample, because of the constraint from the substrate that has a smaller
thermal expansion coefficient than that of the epitaxial layer157.

Figure 22. Temperature-dependent PL spectra of a strained and a strain-free sample.
The bandgap of the strain-free sample shows a stronger temperature dependence than the strained
one, indicating that the substrate can constrict lattice deformation caused by the temperature
change.
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Ultraviolet photoelectron spectroscopy (UPS) reveals the band structure evolution of the
α-FAPbI3 under strain (Figure 23a for 0% and -2.4% strain). We note that the UPS measurements
are carried out by Kratos AXIS Supra with a He I (21.22 eV) source. Figure 23b shows the cutoff
energy region, and Figure 23c shows the valence band region of all α-FAPbI3 under different
strains. Take the UPS spectrum of the strain-free α-FAPbI3 as an example, the position of the
electron affinity (Fermi level) versus vacuum is the difference between the high binding energy
cutoff and the radiation energy of He I (21.22 eV):

16.09 eV−21.22 eV=−5.13 eV

(5)

The low binding energy cutoff (0.62 eV) determines the position of Valence Band
Maximum (VBM). Therefore, the position of the VBM relative to the vacuum level is:

−5.13 eV−0.62 eV=−5.75 eV

(6)

Considering the measured optical bandgap of ~1.51 eV, the Conduction Band Minimum
(CBM) is determined to be -4.24 eV. This also suggests that the Fermi level is closer to the VBM
than to the CBM, and therefore the strain-free α-FAPbI3 is p-type. Similarly, all other strained
epitaxial thin films show a p-type character.
In conclusion, all samples exhibit p-type behavior. The Fermi level and the VBM of the
samples can be extracted from the UPS data. The results show that -2.4% strain lifts the VBM
upward by ~50 meV compared to the strain-free scenario. Considering the change in the bandgap
(~35 meV), the -2.4% strain pushes the CBM position upward by ~15 meV compared to the strainfree scenario. The VBM mainly consists of Pb 6s and I 5p orbitals, and the enhanced coupling
between these orbitals under compressive strain pushes the VBM upward158. The CBM, which
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consists mostly of nonbonding localized states of Pb p orbitals, is less sensitive to the deformation
of PbI6 octahedrons122. Therefore, the in-plane compressive strain pushes up the VBM more than
the CBM.

Figure 23. Electronic band structure study by UPS.
a, UPS spectra of a -2.4% strained and a strain-free sample. The Fermi level and the VBM of the
samples can be extracted from the intersections of the curves with the horizontal axis, marked by
the solid and dashed lines, respectively. b, The intersects of the curves with the baseline in the
high binding energy region tell the Fermi level position of corresponding strained α-FAPbI3 films.
There is an obvious shift of the intersects to higher binding energy levels when the compressive
strain becomes larger. c, The intersects of the curves with the baseline in the low binding energy
region tell the energy difference between the Fermi level and the VBM. All α-FAPbI3 films have
p-type character according to the calculated Fermi level position in the bandgap. Meanwhile, the
VBM is pushed up more than the CBM with increasing strain. A schematic band evolution is
shown as inset.
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3.6 Electrical Characterizations of the Strained α-FAPbI3
The lattice deformation can alter the electronic band structure and, therefore, the carrier
dynamics. The effective mass of charge carriers can be assessed by the band curvature extracted
from first-principles calculations159. To investigate the effect of strain on carrier dynamics in αFAPbI3, we analyzed the variation of charged carrier mobility via predicting effective masses of
charged carriers from first-principles calculations. In the calculations, the mean free time of
carriers was assumed to be a constant, and the reversely proportional relationship between the
effective mass and charged carrier mobility was used. Carrier effective masses are determined by
the curvature of the highest energy at the VBM for holes and lowest energy at the CBM for
electrons in the k space. Figure 24 shows the calculated results of electron effective mass, me*, and
hole effective mass, mh* (top panel), and three typical electronic band structures (bottom panels)
under different strain. The E-k dispersion of the conduction band remains relatively unaltered, and
me* only shows a slight variation from 3% to -3% strain. On the other hand, a compressive strain
can modulate the E-k dispersion of the valence band and reduce mh* considerably. This is due to
the fact that the VBM that determines mh* mainly consists of Pb 6s and I 5p orbitals. Under tensile
strain, the distance between Pb and I atoms increases and, therefore, the Pb-I bond interaction is
weakened, thus leading to the increase of effective mass. In contrast, the hole mobility will increase
under compressive strain due to the enhanced Pb-I bond interaction and the decreased effective
mass. However, the CBM that determines the electron effective mass mainly consists of Pb p
orbitals is less sensitive to the deformation of Pb-I bonds, which is why me* barely changes with
applied strain119.
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Figure 24. Calculated carrier effective masses at different strain, and electronic band
structures under three strain levels (3%, 0%, and -3%).
The electron effective mass remains relatively stable with the change in strain, while the hole
effective mass decreases with increasing the compressive strain. Dashed lines represent the
dispersivity of the valence band; a less dispersive valence band structure indicates a smaller hole
effective mass.
To validate these calculations, Hall effect carrier mobilities of the α-FAPbI3 thin films
under 0 – -2.4% strains are carried out. Before the Hall measurement, we study the possible carrier
collection from the substrates since the substrates are halide perovskites with high carrier mobility
as well. We first analyze the device structure with the Finite Element Analysis (FEA) simulation
by COMSOL. The schematic device structure is shown in Figure 25a where four Au electrodes
are deposited with a layer of Parylene-C beneath. The Parylene-C serves as the insulating layer to
prevent the carrier collection from the substrate to the electrodes. To better understand the carrier
transfer between the epitaxial layer and the substrate, we also study the band alignment between
them (Figure 25b). Herein, α-FAPbI3 and MAPbBr3 are analyzed as an example. α-FAPbI3 has a
very different band structure compared with MAPbBr3 in terms of bandgap, VBM as well as CBM.
For α-FAPbI3, VBM and CBM are determined to be -5.75 eV and -4.25 eV by the ultraviolet
photoelectron spectroscopy, respectively. For MAPbBr3, VBM and CBM are determined to be -
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6.20 eV and -3.90 eV from the literature160. For the Hall measurement, the injected carriers are
subject to the Lorentz force applied by the vertical magnetic field and are accumulated at the
diagonal electrodes to build up the Hall voltage. However, the large energy barrier at the
heterojunction interface blocks the carrier injection from the α-FAPbI3 to the MAPbBr3. Therefore,
there is a very low concentration of free carriers in the substrate that can hardly generate a
significant Hall voltage during the measurement. This analysis also applies to other substrates
MAPbClxBr3-x in this study with different compositions from MAPbBr3. When incorporating more
Cl into the MAPbBr3 substrate, the bandgap will further increase by lifting up the CBM and
pushing down the VBM, and the energy barrier between the α-FAPbI3 and the substrates will be
even larger161. Thus, interfacial charge transport will be even less favorable. Additionally, we also
exclude the free carrier transfer from the MAPbBr3 to the α-FAPbI3. We then simulate the current
distribution within the device by FEA simulation. We also intend to quantify the current density
in both the epitaxial layer and the substrate to study the contribution of the substrate to the Hall
measurement. With the combined energy diagram and the electric field distribution, we simulate
the current distribution in the device (Figure 25c upper panel). The simulation results show that
the current distribution is completely different from the electric field distribution. Current density
in the epitaxial layer (9.8 A m-2) is much higher than that of the substrate (0.4 A m-2), which means
that the large energy barrier between the epitaxial layer and the substrate, as well as the minimal
vertical electric field distribution and the insulation of the Parylene-C, minimizes the carrier
injection to the substrate. A closer look at the area that is close to the electrode suggests that the
carrier injection to the substrate is indeed prohibited (Figure 25c lower panel, red arrows indicate
the direction of the current flow). To quantify the ratio of the current in the substrate to that in the
epitaxial layer, we study the current density along the vertical orange line where the current flows
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horizontally (at a steady state). Figure 25d shows the vertical current density distribution along the
vertical orange line where the heterostructural interface locates at 500 nm from the bottom (0 nm).
The ratio of current density across the interface is shown to ~ 24.5:1 where the epitaxial layer is
9.8 A m-2, and the substrate is 0.4 A m-2. By integrating the area below the current distribution
curve, we obtain the ratio of the current density in the substrate to the total current density along
the vertical line to be 0.8%. Therefore, we conclude that the carrier in the substrate is negligible
compared with that in the epitaxial layer, and we attribute this result to the large energy barrier
between the epitaxial layer and the substrate, as well as the minimal vertical electrical field
distribution and the insulation of the Parylene-C layer.
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Figure 25. Possible carrier collection by the interfacial carrier transfer during Hall effect
measurements.
a, The schematic structure of the device. Parylene-C (grey) is used as an insulating layer to prevent
the injection of carriers from the Au electrode (yellow) to the substrate. b, The bandgap diagram
of the heterostructure shows that the large energy barrier between the α-FAPbI3 and the MAPbBr3
blocks the carrier injection to the MAPbBr3. c, Current density distribution by FEA simulation.
The upper panel shows the current mapping where the current density in the epitaxial layer is much
higher than that of the substrate. The lower panel shows the zoomed-in current distribution image
around the electrode. Red arrows show the direction of current flow, which suggests a minimal
carrier injection into the substrate due to the energy. d, Current density distribution along the
vertical orange line in c, where the current in the substrate takes 0.8% of the total current.
Without the concern of possible carrier collection from the substrates, we perform Hall
effect measurement to the epitaxial α-FAPbI3 thin films under different strains. We note that the
Hall effect measurements are carried out with a Lake Shore Hall measurement system (HM 3000)
using the van der Pauw method. All samples measured by the Hall effect show a p-type character,
which is consistent with the UPS results. Of all strain levels tested, films under -1.2% strain on
MAPbCl0.60Br2.40 have the highest hole mobility (Figure 26). Further increasing the strain will
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result in a drastic drop in the hole mobility, because of higher dislocation densities that arise at
higher strain levels. Note that the devices for Hall effect measurements have an epitaxial layer
thickness larger than the critical thickness to ensure a sufficient contact area between the halide
perovskite and the bottom electrode. Therefore, a high strain level will induce a high concentration
of dislocations that degrade the hole mobility.

Figure 26. Strain-dependent carrier mobility characterizations by Hall effect measurement.
Hole mobilities by Hall effect measurements showing -1.2% strained α-FAPbI3 has the highest
hole mobility. The decrease of the hole mobility with strain higher than -1.2% is attributed to the
increase of dislocation density. Inset shows the structure of the measurement setup.
To validate the results from the Hall effect measurement, we study the carrier mobility of
the epitaxial α-FAPbI3 thin films under different strains by ToF measurements. The schematic
device structure is shown in the inset of Figure 27b. A layer of Parylene-C was deposited between
the Au electrode and the substrate to block the carrier extracted from the substrate as demonstrated
above. Besides, we adopted a 685 nm laser as the excitation source so that the photon can only be
absorbed by the epitaxial layer rather than the substrate that has a larger bandgap than the excitation
laser energy. In this case, we guarantee the measured photovoltages coming from the epitaxial
layer absorption are the same. Similarly, the excited electrons that occupy the CBM of the αFAPbI3 are less likely to be extracted to the CBM of the substrate due to the large energy barrier.
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ToF measurements were carried out with the designed structure where the distance between the
two electrodes is controlled to be 100 µm in lateral directions. The 685 nm pulse laser (10
mW/cm2) has a pulse width <10-10 s. The photoresponse was measured with an oscilloscope
(Agilent MSO6104A Channel Mixed Signal). The thickness of the epitaxial layer is controlled to
be ~500 nm, and all the devices are biased with 1 V. A 1 MΩ resistor was connected in series to
simulate the open-circuit condition so that the carriers were effectively blocked in the devices89.
The measurement was carried out in the dark while the bias and the laser power were kept at
constant. The experiment setup followed the reported ToF measurement of halide perovskite single
crystals89,162-164. The measured transient photocurrents are shown in Figure 27a where the carrier
transit time can be extracted as the inflection point of the photocurrent curve. The carrier mobility
can be calculated by:

d2
μ=
Vt

(7)

where μ is the calculated carrier mobility, d is the thickness of the target region, V is the applied
voltage, and t is the measured carrier transit time. The measured carrier mobilities are plotted in
Figure 27b. Our measured ToF mobility of the epitaxial α-FAPbI3 with different strains showed a
similar trend compared with the measured Hall mobility. -1.2% strained α-FAPbI3 exhibits the
highest carrier mobility while further increasing the strain can lead to faster relaxation, and the
accumulation of dislocations will reduce the carrier mobility. We note that the absolute mobility
values from the ToF and Hall effect measurements differ, due to experimental uncertainties in the
type and quality of electronic contacts made during the fabrication processes9.
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Figure 27. Strain-dependent carrier mobility characterizations by ToF measurement.
a, Transient photocurrent curves of the epitaxial α-FAPbI3 under different strain. The transient
photocurrent curves are plotted on a log-log scale. The carrier transit time, the inflection point of
the photocurrent curve, is marked by a solid red circle. The inflection point indicates the switching
of charge transport carriers from the majority to minority carriers. b, Plots of calculated carrier
mobilities as a function of the strain magnitudes. Inset equation transforms the carrier transit time
to the carrier mobility, where μ is the calculated carrier mobility, d is the target region thickness,
V is the applied voltage, and t is the measured carrier transit time.
Besides, bias and laser power dependence of the ToF measurement are also discussed. ToF
mobility is calculated by μ =

d2
Vt

. The applied bias will only change the carrier transient time rather

than the carrier mobility. This is because the carrier mobility is an intrinsic property of the
semiconductor materials and is independent of the magnitude of the applied bias. This rule has
been demonstrated by many ToF measurements of halide perovskites, in which the carrier mobility
is independent of the applied bias but the measured carrier transient time is inversely proportional
to the applied bias89,162. In the measurements, all experiments are tested under 1 V DC bias with
other experimental parameters well-controlled. Therefore, the transient photocurrents of the
epitaxial films under different strain magnitudes appropriately reveal the carrier mobility of the
epitaxial thin films. For the ToF measurement, it has been reported that the photogenerated carrier
density shows laser power dependency, and a high carrier density can generate the space charge
effect which affects carrier extraction165,166. However, the space charge effect will be significant
only in systems where the ratio between the electron mobility and the hole mobility excesses two
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orders of magnitude167. According to the reported carrier mobility of halide perovskites, the
electron and hole mobilities are usually on the same order of magnitude when they are from the
same literature9. Therefore, the space charge effect can be safely ignored, and the laser power
dependence of ToF measurements is less significant in this study. In the measurements, the laser
intensity is kept at constant (10 mW cm-2) throughout the entire measurement so that the only
variation is the strain magnitude of the epitaxial thin film.
The possible influence of the I-V hysteresis on the ToF measurement is also discussed here.
During the ToF measurement, the devices are biased under a constant voltage, e.g., 1 V, to collect
photogenerated carriers in the epitaxial thin films. In this case, the baseline current due to ion
migration and mobile electron and hole carriers under a fixed electric field is considered to be in a
steady state. Adding on top of the baseline current, a pulsed laser is used as the excitation source
to generate carriers in the epitaxial thin film. The corresponding photocurrent-time characteristics
are recorded by an oscilloscope. The timescale of the excited transient current, i.e., ToF, is
measured to be ~10-6 s (as seen in Figure 27a). I-V hysteresis is reported to originate from ion
migration, device capacitive charging, and perovskite ferroelectric polarization168,169. For the ion
migration, the timescale is reported to be in the range of seconds to minutes in halide
perovskites170, which is much longer than that of the ToF. For the device capacitive charging,
whose timescale is reported to be in the range of milliseconds to seconds168, which is also much
longer than that of the ToF. Also, the timescale of ferroelectric dipole switching is reported to be
faster than 10-8 s
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, which is much shorter than that of the ToF. Besides, since the devices are

biased under 1 V DC voltage during the measurement, the capacitive charge and the ferroelectric
dipoles are almost kept constant in the devices. Therefore, it is safe to exclude the possible
influence of the I-V hysteresis on the ToF measurement.
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Besides, we also study the possible influence of the ion migrations to the carrier mobility
measurements. Ion migrations of halide perovskites have been studied in the literature and are
believed to be the origin of the reported current-voltage hysteresis in halide perovskites. Reported
studies showed that the mobility of the vacancies and the ions in polycrystalline perovskites were
determined to be ~1.6×10-6 cm2 V-1 s-1 and ~5×10-8 cm2 V-1 s-1, respectively172,173. However, these
values are much smaller than that of the measured hole mobilities (~50 cm2 V-1 s-1) in this study.
Additionally, the carrier transit time in the ToF measurement of this study was in the range of µs,
which was too short for the ions to move a substantial distance. Therefore, it is safe to exclude the
contribution of ions and structural vacancies from the measured hole mobility in this study.
Besides, grain boundaries of the polycrystalline halide perovskites were reported to be a major
pathway for ion migrations54,174,175. In this study, the epitaxial growth of single-crystalline
perovskites minimizes the formation of grain boundaries and, therefore, minimizes the influence
of the ion migrations. In a reported study, the ion migration mobility in both polycrystalline and
single-crystal MAPbI3 were measured62. Compared with the ion migration in polycrystalline
MAPbI3 whose ion migration mobility was ~1×10-9 cm2 V-1 s-1, the ion migration in single-crystal
MAPbI3 can hardly be detected62. Therefore, we can conclude that the influence of ionic
movements in the halide perovskites can be excluded from this study.

3.7 Crystalline Quality Characterizations of the Strained α-FAPbI3
In this section, the crystalline quality of the epitaxial thin films for both structural/optical
and electrical characterizations will be separately discussed since the film thicknesses used in these
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two characterizations are different. The strain relaxation mechanism is also discussed to explain
the crystalline quality reduction in the electrical measurements.
In our previous PL measurements, PL emission peak full width of half maximum (FWHM)
of the epitaxially strained α-FAPbI3 thin film is shown to increase with the strain (Figure 28a).
There are multiple possibilities origins of the PL broadening. We can first rule out the influence
of the domain size because the sample is a single domain thin film176. For semiconductors,
emission linewidth broadening is governed by charged carrier-phonon coupling, including
crystalline quality, acoustic phonon scattering, optical phonon scattering, and impurity177. In
semiconductors with heterojunctions, charged carrier transfer can also take place with specific
band structure at the interfaces. Such charged carrier transfer usually leads to carrier quenching
without direct recombination178-180, and emission peak shifting due to the energy change181, while
very few reported PL broadening due to the carrier relaxation182. Here, we discuss the possible
emission peak broadening mechanism in the epitaxially strained α-FAPbI3 thin films.
Possible interfacial charge transfer-induced emission peak broadening will be discussed
first. The α-FAPbI3 grown on MAPbBr3 is analyzed as an example. α-FAPbI3 has a very different
band structure compared with MAPbBr3 in terms of bandgap, VBM, and CBM, as shown in Figure
28b. The heterojunction shows a straddling band alignment where the charged carrier transfer is
only allowed from the larger bandgap side to the smaller bandgap side when the larger bandgap
side is excited. During the PL measurement in this study, a 633-nm laser (corresponding to 1.95
eV) was used for exciting the epitaxial layer (bandgap 1.50 eV) without exciting the substrates
(bandgap 2.30 eV). Upon absorption, electrons in the α-FAPbI3 will be excited to the conduction
band while the MAPbBr3 remains unexcited. Here, the large barrier between α-FAPbI3 and
MAPbBr3 blocks the carrier transfer from the α-FAPbI3 to the MAPbBr3 across the interface. This
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analysis also applies to other substrates MAPbClxBr3-x in this study with different compositions
from MAPbBr3. When incorporating more Cl into the MAPbBr3 substrate, the bandgap will further
increase by lifting up the CBM and pushing down the VBM, and the energy barrier between the
α-FAPbI3 and the substrates will be even larger161. Thus, interfacial charge transport will be even
less favorable. Additionally, we also consider the carrier transfer from the MAPbBr3 to the αFAPbI3. Since the MAPbBr3 remains unexcited due to the large bandgap, the intrinsic electrons
are extremely minor compared with the excited carrier in α-FAPbI3. Therefore, we exclude the
possibility of carrier transfer from the MAPbBr3 to the α-FAPbI3. Considering that the laser for
the PL measurement doesn’t excite the carriers in the substrate, as well as the large energy barrier
that blocks the interfacial carrier transfer between the epitaxial layer and the substrate, we draw
the conclusion that the charged carrier transfer between the epitaxial layer and the substrates will
not take place in the PL measurements and, therefore, will not contribute to the PL broadening.
For inorganic semiconductors, emission linewidth is associated with different mechanisms
of scattering between charged carriers and phonons or impurities, which can be expressed as183:

Г(T) = Гimp + Гac + ГLO + Г0

(8)

where Г(T) is the temperature-dependent emission linewidth, Гimp is the broadening terms of
scattering with impurities, Гac and ГLO are the broadening terms of the scattering from the acoustic
phonons and the optical phonons, and Г0 is a temperature-independent broadening term
associating with the scattering due to the structural disorder, respectively.
Experimentally speaking, as mentioned above, impurity during epitaxial growth can be
controlled by adopting the same growth solutions and epitaxial growth protocol. Therefore, the
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impurity in the epitaxial films will have a similar concentration. The influence on the PL FWHM
from impurity variation will be very minimal. Additionally, theoretical studies have identified that
impurity scattering should be an inhomogeneous broadening term for PL FWHM in halide
perovskites177,184 and other semiconductors185, which should show a weak temperature
dependence. This is because impurities can lead to local electric field heterogeneity, and the
existence and scattering of impurities are independent of the temperature. The PL FWHM will not
change much with the temperature. However, experiments have shown a homogeneous broadening
behavior of the PL FWHM of halide perovskites, with a strong temperature dependency177,184.
Therefore, the contribution of impurity-induced emission broadening of the PL FWHM is
considered to be minor in halide perovskites.
As we mentioned above, the temperature-dependent PL FWHM of halide perovskites
shows a homogeneous behavior, which can be attributed to optical phonon and acoustic phonon
scattering177,184. This is due to the fact that acoustic and optical phonons are strongly temperaturedependent. However, the contribution of the acoustic scattering Гac in the emission broadening is
also demonstrated to be minor in halide perovskites184. According to the expression equation of
the acoustic scattering, Гac is linearly proportional to the temperature184. However, the
experimental temperature-dependent PL FWHM of halide perovskites, especially FAPbI3, behave
nonlinearly with temperature184. This is due to the fact that the polar Pb-I bond mainly generates
optical phonons. Therefore, the contribution of the acoustic phonon scattering to the emission
linewidth broadening is considered to be minor, and the optical phonon scattering is the dominating
factor.
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As demonstrated by extensive prior works177,184,186,187, the above equation can be expressed
in the following form, with the consideration that the acoustic phonon scattering and the impurity
scattering contribute little to the emission linewidth in halide perovskites:

Г(T) = ГLO + Г0 =

γLO
ELO
(
)
e kb T −

(9)

+ Г0
1

where γLO is the charged carrier-optical phonon coupling constant, ELO is the energy of the optical
phonon, and k b is the Boltzmann constant. Based on this equation, we studied the relationship
between PL FWHM and the temperature for the strained and the strain-free α-FAPbI3 (Figure 28c
and 28d). A clear redshift can be observed while the intensity of the emission peak increases with
reducing the temperature due to the reduced scattering between the phonon and carriers at low
temperatures. Figure 28e and 28f show the PL FWHM as a function of the temperature for a -2.4%
strained and a strain-free sample, respectively. Data were fitted with the equation introduced
above. Fitted results indicate the main increment of Г0 in the strained sample can be attributed to
the increased scattering by the crystalline quality reduction. Meanwhile, the increment of both γLO
and ELO suggests an enhanced charged carrier-optical phonon coupling and higher phonon energy
in the strained lattice, which can be attributed to the strain-induced lattice deformation188.
Therefore, we can conclude that the PL FWHM difference of the strained and the strain-free
sample mainly comes from the increased scattering by the strain-induced crystalline quality
reduction.
To sum up, we discussed several possible mechanisms that might have led to the PL peak
broadening and focused on the crystalline quality and charged carrier-optical phonon coupling. By
analyzing the temperature-dependent PL FWHM of both strained and strain-free α-FAPbI3, the
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calculation results demonstrate that the PL broadening with strain is caused by the strain-induced
crystalline quality reduction and enhanced optical phonon scattering.
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Figure 28. PL peak broadening study by temperature-dependent PL measurements.
a, Strain-dependent PL FWHM. The results show that the FWHM of the PL peak increases with
the strain. A bulk a-FAPbI3 single crystal is used as the strain-free reference. b, Band diagram of
the heterostructure. The analysis shows that the charged carrier transfer in the heterojunction can
be excluded due to the straddling band alignment with a prohibited carrier transfer direction and a
large energy barrier. Temperature-dependent PL of c, strained and d, strain-free α-FAPbI3. Both
samples exhibited uniform bandgap narrowing and FWHM narrowing with decreasing the
temperature. Temperature-dependent PL FWHM of e, strained α-FAPbI3 and f, strain-free αFAPbI3 with fitting. Results show that the strained α-FAPbI3 has a higher Г0 and Г𝐿𝑂 than that of
strain-free α-FAPbI3 due to the due to the strain-induced crystalline quality reduction and the
strain-enhanced carrier-phonon scattering.
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Besides the crystalline quality measurements of the epitaxial thin films for the optical
characterizations, we will also discuss the thin film crystalline quality for the electrical
characterizations. The SCLC method is used to quantitatively evaluate the crystalline quality of
the epitaxial thin film (Figure 29). Devices adopt the same structure as the one used in ToF
measurement. Devices with different strain levels (strain-free, -0.8%, -1.4%, and -2.4%) are
fabricated and tested. We note that bulk α-FAPbI3 single crystals were used as the substrates to
fabricate strain-free devices.
We first study the I-V characteristic curves of the devices with forward and reverse scans
from 0.01 V to 2 V. Note that the devices adopt a planar structure to correlate with the devices
used in the Hall effect measurements. A layer of Parylene-C (50 nm) and a layer of Au (50 nm)
are sequentially deposited on the substrates while the lateral distance between two Parylene-C/Au
electrodes is 100 µm. Epitaxially strained α-FAPbI3 thin films are then grown from the gaps
between the electrodes and cover part of the electrodes for electrical contact.
In the forward scan, the log-log I-V characteristic curves show different regions of
behavior. At low voltages, the I-V curves exhibit a typical ohmic conduction behavior, where the
current is linearly related to the applied voltage (n~1, blue line). In this region, the quantity of the
thermally generated free carriers exceeds that of the externally injected carriers83. With increasing
the applied voltage, the externally injected carriers gradually increase and start to fill the traps.
Therefore, a trap-filling process is identified by the end of the linear ohmic region (n>3, green).
By further increasing the voltage, traps in the bandgap are completely filled by the externally
injected carriers, and the carriers move freely189. In this region, the current is squarely related to
the applied voltage (n~2, orange). VTFL is extracted by finding the voltage where the ohmic region
ends. The extracted VTFL in samples with different strains is used to evaluate the trap density.
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The forward scan is followed by a reverse scan where the I-V characteristic curves of the
reverse scan show only a linear region. By fitting the I-V curves of the reverse scan, we find out
that the current is squarely related to the applied voltage (n~2, red). During the reverse scan, the
filled traps will not undergo a de-trapping process because of the existence of the applied electric
field as well as the continuously injected carriers. Therefore, the reverse scan cannot be used to
study the trap-filling process, and the evaluation of the VTFL can only be studied with the forward
scan. Trap density of the epitaxial film can be calculated by:

VTFL =

ent d2⁄
2ɛɛ0

(10)

where d is the layer thickness, ɛ (=47) is the relative dielectric constant of α-FAPbI3 and ɛ0 is the
vacuum permittivity.
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Figure 29. SCLC measurement of the epitaxial α-FAPbI3 with different strains.
a to d, I-V characteristic curves for the SCLC measurement of the epitaxial α-FAPbI3 film with a
different strain. While the forward scans indicate a typical trap-filling process with increasing
applied voltage, the reverse scan doesn’t show a detrapping process.
We also statistically study the trap density in the epitaxial α-FAPbI3 film with different
strain magnitudes to evaluate the robustness of the measured trap density values. Here, five
different devices of each strain value are tested. The trap densities of the epitaxial α-FAPbI3 film
from different samples are calculated and displayed in Figure 30a. The average trap densities and
the standard deviation are shown in Figure 30b. With increasing the strain, the average trap
densities show an increasing trend, indicating that a higher strain level induces a higher defect
density in the epitaxial α-FAPbI3 film. Meanwhile, the standard deviation of the trap density also
increases with the strain, which reveals an increased disorder in the epitaxial α-FAPbI3 film at
higher strain values.
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Besides, we also investigate I-V characteristic curves from the same device under different
measurement conditions, e.g., different scan rates and scan directions. I-V curves of the halide
perovskites are reported to be scan rate-dependent due to the fact that the scan rate can alter the
charged carrier collection efficiency of the devices, which results in artificial I-V curves169,170,190.
However, this discrepancy can be effectively minimized by adopting a relatively slow scan rate168
since a fast scan rate has been reported to go beyond the response speed of free carriers to the
electric field191. To prove that the 50 mV s-1 scan rate we use in this work does not produce artificial
I-V curves, we study I-V curves under four representative scan rates (Figure 30c). I-V curves with
10 mV s-1, 50 mV s-1, and 200 mV s-1 scan rates show distinct trap filling behavior as we discussed
above. The VTFL extracted from the I-V curves with 10 mV s-1 and 50 mV s-1 scan rates are similar,
indicating that 10 mV s-1 and 50 mV s-1 are sufficiently slow to avoid artificial I-V curves and VTFL
values. Meanwhile, increasing the scan rate to 200 mV s-1 leads to a smaller VTFL because of the
limited response of free carriers to the rapid electric field change. No trap filling process can even
be measured when further increasing the scan rate to 1000 mV s-1, showing that the I-V curve under
a very fast scan rate can skew the results. Therefore, we can conclude that the 50 mV s-1 scan rate
we use in the SCLC measurements helps produce reliable I-V curves and VTFL. Besides, we study
how the scan direction may possibly affect the SCLC measurement. Figure 30d shows I-V curves
of the same device with different scan directions. The I-V curves from positive and negative scan
directions, with ~10 min in between the scans, are similar to each other, which is because the
device adopts a symmetric Au/perovskite/Au structure. The initial direction of the forward scan
along either direction should give the same result. Therefore, we can conclude that the SCLC
measurements under different scan conditions, with a slow scan rate (50 mV s-1), and a symmetric
device structure can produce reliable results.
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Figure 30. SCLC measurement condition study.
a, Strain-dependent trap density of the epitaxial α-FAPbI3. Note the number of experiments n = 5
for each strain value. b, Statistics of the strain-dependent trap density. Results show that the
average trap density will increase with increasing the strain, which can be attributed to the straininduced defects. Meanwhile, the standard deviation of the trap density values also increases with
the strain, indicating the increased disorder due to the higher defect density with the strain. c, Scanrate-dependent I-V curves. I-V curves with 10 mV s-1 and 50 mV s-1 scan rates are similar,
indicating that these scan rates are sufficiently slow to avoid artificial results. The I-V curve with
200 mV s-1 results in a smaller VTFL because of the limited response of free carriers from the fast
scan. Further increasing the scan rate to 1000 mV s-1 leads to the vanish of the trap-filling process.
d, I-V curves with different scan directions of the same device. The high similarity of the two
curves concludes that the scan direction will not affect the SCLC measurements due to the
symmetric Au/Perovskite/Au device structure.
We note that the goal in this study is not to distinguish the origins or the densities of various
traps but is to study the trap density increment in the epitaxial α-FAPbI3 thin films when the strain
magnitude is increased. For lattice-mismatched heteroepitaxial growth, the density of misfit
dislocations will be increased with increasing the interfacial misfit magnitude and the epitaxial
layer thickness, to partially release the strain192. These misfit dislocations tend to degrade the
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properties of the epitaxial layers and, therefore, the performance of the devices by introducing
below-gap trap states. For the impurity, the growth precursor was controlled to be the same, which
will keep a similar impurity source for all α-FAPbI3 films in this study. Without additional impurity
source being introduced during epitaxial growth, the epitaxial film with different strain levels
should share a similar impurity density. Therefore, we exclude the contribution of impurities to
the measured trap density increment. For the other crystallographic defects (e.g., vacancies,
interstitials, antisites, etc.), their contributions to the trap density increment are considered to be
minor, because it is a convention that the generation of dislocations is the main reason for strain
relaxation in heteroepitaxy131,192. For the interfacial defects formed at the perovskite/electrode
interface, all device fabrication adopted the same protocol. Therefore, the interfacial traps caused
by the interfacial defects are similar for different strain values and can be excluded from the
possible reason for the trap density increment in the epitaxial samples. In this case, the impurities
and the interfacial defects will not lead to the significant trap density increment, up to ~1000% as
observed in the studies with increasing the strain magnitude from 0% to -2.4%.
Based on the above discussions, we demonstrate that the trap density increments with
increasing the interfacial misfit magnitude and the film thickness can be attributed to the straininduced dislocations. Even though there is currently a lack of an experimental characterization
technique that would allow accurately quantifying the separate contribution of each defect due to
the complexity of these defects193, contributions from all other types of traps are minor and can be
safely excluded in this study by adopting the unique variable principle throughout the experiment.
Actually, the unique variable principal is commonly used to exclude irrelevant factors in trap
density measurements, as evidenced by many examples in the literature. Vapor deposition of
relatively thick perovskite film is reported to show reduced trap density due to the reduced
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crystallographic defects. The trap density increment in the relatively thinner sample excludes the
contribution of impurities and the interfacial defects because they are considered to be similar to
those of the thicker sample and will not lead to trap density reduction194. Also, it is recently
reported that the addition of CuBr into inorganic perovskite will reduce the trap density. The
influence of the interfacial defects and the impurities are considered of minor influence to the trap
density reduction in the control sample due to the same fabrication protocol195. Similarly, the
addition of Eu3+-Eu2+ ionic pair can reduce the crystallographic defects generated by the Pb0 and
I0. The trap density increment in the control sample rules out the contribution of interfacial defects
and impurities because the samples share similar fabrication processes196. Additionally, perovskite
seeding growth is reported to improve the crystallinity and reduce the trap density. The interfacial
defects and the impurities in the control sample are considered to be similar in the seeded grown
sample and control sample197. What’s more, modifying the interface between the perovskite and
the electron transporting layer is shown to reduce interfacial defects and trap density. The influence
of the impurities and crystallographic defects can be excluded because they are considered to be
similar in different devices198. Finally, incorporating bilateral alkylamine additives is shown to
reduce interfacial defects and trap density in the perovskite film. Contributions from impurities
and crystallographic defects are ruled out due to the fact these two factors are similar in different
devices199. We also investigate the literature to study the minimum trap density difference that can
be measured by the SCLC method. Researchers demonstrated the reduced trap density by 15% due
to the incorporation of Cl in the perovskite film194. In two-dimensional perovskite nanowires with
different layer numbers, a one-fold increment of trap density was also reported200. Meanwhile,
researchers demonstrated the decrease of trap density by ~20% with a modified ITO surface201.
Similarly, a decrease of trap density by ~50% with a modified interface was also reported202.
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Compared with the reported works, the results demonstrate a difference from ~30% to up to
~1000%, which is sufficiently large to conclude that a higher strain can induce more defects.
Characterizing the trap density in halide perovskite thin films has been widely studied.
Quantitative characterization of the trap density in halide perovskites are mostly done by the SCLC
method (the dark I-V characteristic curve). It is believed to be the most facile, accurate, and direct
technique for trap density characterization and has been extensively used89,162,164. Besides the
SCLC method, tuning the excitation density of input photons in the transient photocurrent
measurement is also reported to roughly estimate the trap density by generating different densities
of free carriers and monitoring the decay rate203,204. The measurement accuracy is relatively low.
Additionally, capacitance-frequency (C-ω) spectroscopy has been reported to study the trap
density in organic materials205,206 and halide perovskites207-210. The low-frequency capacitance
originates from the carrier trapping/detrapping of electronic traps, while the high-frequency
capacitance is attributed to the geometrical capacitance and the depletion capacitance207,209.
In this study, we use the C-ω spectroscopy as an alternative probe for trap density of
epitaxial α-FAPbI3 thin films with different strain magnitudes. Devices for C-ω measurements
have a lateral configuration with a 3 mm width. Au and ITO are used as the two electrodes with a
2×2 mm2 area. During the measurement, a 0.5 V AC voltage is applied. The resulting electric field
is 1.67×10-4 V µm-1, which is insufficient for generating ion migration210. In this case, we exclude
the contribution of charged ions to the measured capacitance. The capacitance of α-FAPbI3 thin
films with different strain magnitudes are measured in the frequency range of 1~105 Hz in dark.
To eliminate the influence of the parasitic capacitance from the substrate and air, we first measure
the capacitance-frequency spectra of the bare substrate without the epitaxial layer. After measuring
the capacitance-frequency spectra of the devices with the epitaxial layer, we subtract the spectra
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of the substrates from that of the devices to obtain the capacitance-frequency spectra of the
epitaxial layer, which therefore exclude the capacitance contributions from the substrates and air.
The results after subtraction are shown in Figure 31a. The measured capacitance gradually
increases with increasing the strain magnitudes, indicating the accumulation of electronic traps.
We then calculate the trap density with the C-ω measurement results. The trap density can be
calculated by:

Nt (Eω ) = −

Vb d C(ω)
qkAtT d ln (ω)

(11)

where Nt is the trap density at a certain trap energy Eω , Vb is the build-in potential and is estimated
to be ~0.5 V from the work function difference between Au and ITO, q is the element charge, k is
the Boltzmann constant, A is the device area, t is the thickness, and T is the temperature. Trap
energy Eω is calculated by:

Eω = kT ln (

ω0
)
ω

(12)

where ω0 is the attempt-to-escape frequency, which is reported to be ~2×1011 s-1 for halide
perovskites211. The calculated trap density of the epitaxial α-FAPbI3 thin films with different strain
magnitudes are shown in Figure 31b, and an obvious trap density increment can be seen with
increasing strain magnitudes. To quantitatively evaluate the trap density in the epitaxial thin films,
we fit the calculated trap density distribution with the following Gaussian distribution equation:

Nt (Eω ) =

(E0 − Eω )2
exp [−
]
2σ2
σ√2π
nt

(13)
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where nt is the trap density, σ is the disorder parameter, and E0 is the mean energy of the traps.
The fitted trap density (nt ) for 0%, -0.8%, -1.4%, and -2.4% strained epitaxial thin films are
2.6×1011 cm-3, 3.2×1011 cm-3, 7.2×1011 cm-3, and 2.4×1012 cm-3, respectively. The trap density
increment with increasing the strain magnitude indicates an accumulation of dislocations under a
higher strain magnitude192. The trend also agrees with that measured by the SCLC method. We
note that the C-ω method measures the sum of electron and hole traps205 while the SCLC methods
can distinguish electron and hole traps with selected electrodes89. In the SCLC measurements, we
adopt an Au/perovskite/Au structure that only reveals the hole traps due to the energy alignment
of the Au electrode for hole injection89. This may be the main reason that leads to the small
discrepancy in the results measured by the C-ω and the SCLC methods.

Figure 31. C-ω measurements of the epitaxial α-FAPbI3 to evaluate the trap density.
a, C-ω spectra of the epitaxial α-FAPbI3 thin films with different strain magnitudes. The lowfrequency capacitance originates from the carrier trapping/detrapping processes. The larger
capacitance at a higher strain magnitude suggests a higher density of traps. The high-frequency
capacitance is attributed to the geometrical capacitance and the depletion capacitance. b, Trap
density distribution extracted from the C-ω spectra. An obvious trap density increment is evident
with increasing the strain magnitude. The fitted trap densities (𝑛𝑡 ) by the Gaussian distribution
equation indicate a higher trap density at a higher strain magnitude.
Considering that the strain-induced dislocations relax the epitaxial strain and reduce the
crystalline quality of the epitaxial thin films for the electrical measurements, we carry out the
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quantification of the strain relaxation in our strained perovskite thin film. Besides, metal halide
perovskites are also considered as a class of soft materials where the strain can possibly be
elastically relaxed. Therefore, we will study both the possible elastic strain relaxation due to the
soft nature of halide perovskite and the plastic strain relaxation from the strain-induced dislocation.
To exclude the elastic relaxation in our epitaxial samples, we carry out FEA simulations.
The simulation results are shown in Figure 32 where an α-FAPbI3 thin film with a 30 µm × 30 µm
× 3 µm dimension in l × w × t. Elastic constants C11, C12, and C44 of α-FAPbI3 come from the
reported literature212. Different biaxial compressive strains (-1.2% and -2.4%) are applied at the
bottom of the α-FAPbI3 to simulate the interfacial strain. Plastic relaxation from the dislocations
is ignored in the simulation to focus on the influence of the elastic relaxation only. Figure 32a and
32b show the planar stress distribution from the bottom view of the -1.2% and -2.4% strained αFAPbI3, respectively. Figure 3.22c and 3.22d show the vertical stress distribution from the crosssectional view of the -1.2% and -2.4% strained α-FAPbI3, respectively. Simulated results indicate
a uniform strain distribution throughout the entire epitaxial α-FAPbI3 thin film. We further study
the thickness-dependent stress distribution along the vertical direction (Figure 32 e and 32 f), as
labeled by the blue line and the red line in Figure 32c and 32d, respectively. From the results, the
strain maintains almost the same along with the thickness. For a sample thickness of 3 µm, the
elastic relaxation is calculated to be 0.096% and 0.093% for -1.2% and -2.4% strained α-FAPbI3,
respectively. The small discrepancy between the elastic relaxation under the two strain magnitudes
is due to the numerical dispersive error because the FEA simulation uses a dispersive model for
approximation213. Therefore, the elastic relaxation in the epitaxially strained α-FAPbI3 is not as
prominent as we expected, due to the small thickness (in the range of hundreds of nanometers to a
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few micrometers) used in this study. Halide perovskites are in fact still brittle solids even though
they are softer in nature than other conventional semiconductors214.

Figure 32. Elastic strain relaxation study of the epitaxial α-FAPbI3 thin films.
Planar strain distribution of the α-FAPbI3 with a, -1.2% and b, -2,4% strain. Vertical strain
distribution of the α-FAPbI3 with c, -1.2% and d, -2,4% strain. Results show uniform strain
distribution in both α-FAPbI3 thin films. Thickness-dependent strain distribution of the α-FAPbI3
with e, -1.2% and f, -2,4% strain. Colors are correlated with the lines in c and d. Results indicate
that the elastic strain relaxations in both α-FAPbI3 thin films are 0.096% and 0.093%, respectively.
In heteroepitaxial growth, strain usually relaxes plastically rather than elastically. The
calculations of the critical thickness where the dislocations form and relax the strain have been
determined theoretically and experimentally. There are two models that have been widely used for
the critical thickness calculations: the Matthews and Blakeslee (MB) model215 and the People and
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Bean (PB) model216. The MB model is a mechanical equilibrium model that stems from the force
balance of dislocations. In this model, the critical thickness is defined as the thickness when the
strain force is equal to the dislocation tension force and can be expressed as:

hc =

b(1 − vcos2 α)
hc
[1 + ln( )]
8πf(1 + v)cosλ
b

(14)

where is hc the critical thickness, b is the length of Burger’s vector, v is the Poisson’s ratio, α is
the angle between the Burger’s vector and the line vector for the dislocation, f is the misfit strain,
and λ is the angle between the Burger’s vector and the line in the interface plane that is
perpendicular to the intersection of the glide plane with the interface. The PB model is an
alternative prediction method based on the energy equilibrium that is widely studied and
experimentally proved. In this model, the critical thickness is defined as the thickness where the
strain energy is equal to the dislocation formation energy and can be expressed as:

hc =

(1 − v)b2

hc
ln( )
b
(1 + v)(16√2πaf 2 )

(15)

where a is the lattice constant of the material. Many studies show a large discrepancy with the MB
model. Even the epilayer is thicker than the MB limit, the dislocations are still absent217. Therefore,
the MB model underestimates the critical thickness. The MB model may not give a quantitatively
matched result. Besides, α and λ in PB need to be determined for different dislocations. However,
the PB model gives a closer estimation of the critical thickness217, and will, therefore, be used in
this study.
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We first study the thickness-dependent strain relaxation of the epitaxial α-FAPbI3 thin films
with different strain by in-plane XRD. In-plane XRD measures the in-plane lattice constant of the
crystalline materials, which can be directly used to calculate the strain and contains information
about the plastic strain relaxation in heteroepitaxy. Figure. 33a and 33b show the thicknessdependent in-plane XRD patterns of two representative epitaxially strained α-FAPbI3 thin films
with -1.2% and -2.4% strain, respectively. The -1.2% strained epitaxial α-FAPbI3 thin film with a
thickness of 200 nm shows obvious plastic strain relaxation, as evidenced by the peak shifting (to
a lower angle, the vertical line labels the fully strained peak position) and broadening. For the 2.4% strained epitaxial α-FAPbI3 thin films, plastic relaxation can be measured in films above 50
nm with obvious peak shifting and broadening. The vertical line labels the fully strained peak
position. Besides, we can also obtain the thickness-dependent in-plane lattice constants, based on
which we can calculate the in-plane strain by comparing with the in-plane lattice constant. The
degree of plastic strain relaxation can be quantified by comparing the local in-plane strain with the
highest measured in-plane strain. Quantification of the degree of plastic strain relaxation is done
by calculating the relaxation constant R:

R=

ameasured − astrained
aα−FAPbI3 − astrained

(16)

where ameasured is the measured in-plane lattice constant at different thicknesses, astrained is the
in-plane lattice constant with maximum strain, and aα−FAPbI3 is the lattice constant of the strainfree α-FAPbI3. For the epitaxial film with the same substrate but different thicknesses, R (0 ≤ R ≤
1) reveals the relationship between the film thickness and the degree of plastic strain relaxation.
For R equals to one, the epitaxial film is considered as fully-relaxed. Otherwise, the film is
considered as partially-relaxed. At relatively low thickness, R remains at zero without any
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relaxation. With increasing thickness, R will gradually increase due to the formation of
dislocations, which plastically relax their surrounding strain.
The thickness-dependent relaxation constants of each epitaxial α-FAPbI3 with different
substrates (i.e., different strain) are calculated and shown in Figure. 33c. The error bars label the
range of calculated R of the films with the same substrate and thickness. Results show that the film
with a -2.4% strain quickly relaxes at the thickness of ~50 nm while the film with -0.8% starts to
relax at ~200 nm. Note that the thinnest film we can obtain is ~50 nm, and we assume that the
monolayer α-FAPbI3 will be fully strained without relaxation. Critical thicknesses are extracted
from Figure. 33c where R is larger than 0 and fitted with both the MB and PB models (Figure.
33d). Results show that the critical thickness decreases with the increasing strain. Our experimental
results agree more with the predicted PB model, indicating that the plastic strain relaxation due to
the dislocations generated during the epitaxial growth is the dominating relaxation mechanism.
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Figure 33. Plastic strain relaxation study of the epitaxial α-FAPbI3 thin films.
Thickness-dependent in-plane XRD of a, -1.2% strained and b, -2.4% strained α-FAPbI3 thin films.
Vertical lines label the peak position of the fully strained films. Plastic strain relaxation at relatively
high thickness can be evident by the peak shifting to lower angle and peak broadening. c,
Thickness-dependent relaxation constant R of the epitaxial α-FAPbI3 thin films with different
strains. Results show that the critical thickness decreases with increasing the strain. d, Fitting of
the experimental critical thicknesses with the MB and PB models. Experimental results agree well
with the PB model, indicating that the plastic strain relaxation due to the dislocations generated
during the epitaxial growth is the dominating relaxation mechanism.
In summary, we exclude elastic relaxation although halide perovskites are much softer than
conventional semiconductors214. Our FEA simulation results show the elastic relaxation for a 3
µm thick α-FAPbI3 thin film is negligible, only ~0.09%. Thickness-dependent in-plane XRD is
used to study the critical thickness at which the strain will start to be plastically relaxed. The results
show that the critical thickness is much less than the thickness we used in this study and, therefore,
the relaxation can be attributed to the plastic relaxation by forming dislocations.
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We also find that the crystalline quality of the substrate is found to have a significant impact
on the quality of the epitaxial thin film since defects in the substrates will propagate through the
epitaxial layer and relax the strain. The substrate crystal quality prepared using the ITC218 (Figure
34a) and the Slow Solvent Evaporation (SSE) methods (Figure 34b to 34f) are systematically
characterized. The FWHM value in rocking curve measurements characterizes crystal mosaicity.
Substrates grown by the SSE method show a much smaller FWHM value (~0.020°) compared with
those by the ITC method (~0.084°) due to the extremely slow crystallization speed of SSE,
indicating a higher crystal quality of substrates prepared by the SSE than those by the ITC. Figure
34g shows (001) XRD patterns of epitaxial α-FAPbI3 grown on substrates with high quality (red
curve) and low quality (black curve). For α-FAPbI3 grown on the high-quality substrate, the
FWHM of the XRD peak is also smaller than α-FAPbI3 grown on the low-quality substrate.
Additionally, the epitaxial α-FAPbI3 grown on the high-quality substrate maintains the strained
status with a shifted diffraction peak while the epitaxial α-FAPbI3 grown on the low-quality
substrate has a (001) peak close to that of the strain-free sample at 13.92° (position of the dashed
line).
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Figure 34. Characterization of substrate quality with different growth methods and its
impact on the epitaxial strain.
a to f, Rocking curve measurements of substrates grown by the ITC and SSE methods. Lower
FWHM values by the SSE indicates better crystal quality. g, XRD patterns of strained α-FAPbI3
on a substrate with higher crystal quality (red curve) and relaxed α-FAPbI3 on a substrate with
lower crystal quality (gray curve). Dislocations in the substrates can propagate into and relax the
strain in the epitaxial α-FAPbI3. The vertical dash line labels the (001) peak position of strain-free
α-FAPbI3. The peak position from the strain-relaxed FAPbI3 (gray curve) shifts back to that of
strain-free α-FAPbI3.

3.8 High-performance Photodetector Based on the Strained α-FAPbI3
High-performance photodetectors are demonstrated as a use case of the strain engineered
α-FAPbI3 thin films. Based on the device structure and working principles, the halide perovskites
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photodetectors are divided into two main categories: the photoconductor-type and photodiode-type.
Compared with the photodiode-type one, the photoconductor-type photodetectors will have a
much higher responsivity, and the EQE will be larger than 100% due to the injected carriers5,58,219.
Here, we fabricate photodetectors with both structures and discuss them below. Photodetectors
with a vertical photoconductor structure based on the strained α-FAPbI3 thin films are fabricated
with a structure shown in Figure 35.

Figure 35. Schematic band diagrams of photodetectors.
Left panel is the flat band diagram of the photodetector. Due to the compressive strain, the VBM
of α-FAPbI3 at the interface will be pushed up and align better with the Au Fermi level (-5.4 eV),
which allows better hole transfer from α-FAPbI3 to Au and therefore enhances the device
performance.
Figure 36a shows the I-V characteristics of a strain-free device and a device under -1.2%
strain. The dark current at -1 V of the strained device is ~15% higher than that of the strain-free
one, indicating its higher defect density of the strained device. However, the photocurrent of the
strained device shows a ~180% increase compared to the strain-free one. We attribute the
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photocurrent enhancement to the higher carrier mobility and the better alignment of VBM to the
Au Fermi level under compressive strain (Figure 35). Responsivity of the two photodetectors,
defined as the change in photocurrent per unit illumination intensity, is measured at various
illumination intensities (Figure 36b). The responsivity of the strained device, with a maximum of
1.3×106 A W-1 at an incident power density of 1.1×10-7 W cm-2, is almost twice of that of the
strain-free device. This is again attributed to the enhanced carrier mobility and the better band
alignment of the strained device. We note that the responsivity of the photodetectors, defined as
the change in photocurrent per unit illumination intensity, is calculated by:

R = (Jlight − Jdark )⁄P

(17)

where Jlight and Jdark are the current densities under illumination and dark conditions, respectively,
and P is the input light power density. The strained device shows a much-enhanced external
quantum efficiency (EQE) over the visible range (Figure 36c) due to the enhanced carrier mobility
as well as better carrier transport across the Au/perovskite interface. The rise and fall times of the
strained device are ~30% shorter than those of the strain-free device, indicating an improvement
in carrier dynamics (Figure 36d). All devices we tested have a thickness of around 1 μm. A
transparent indium tin oxide electrode is deposited as the top electrode with an area of 1×1 mm 2.
I-V characteristics are measured under -1 V bias with a 685 nm laser as the excitation source under
various illumination intensities.
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Figure 36. Photoconductor-type photodetector characterizations based on the -1.2%
strained α-FAPbI3 thin film (1).
a, I-V characteristics of Au/α-FAPbI3/indium tin oxide (ITO) photoconductor structured
photodetectors. The dark current and photocurrent of the strained detector are ~15% and ~180%
higher than those of its strain-free counterpart. Detectors are tested with a 685 nm laser under 1
μW. b, Comparison of responsivity of the strained and strain-free photodetectors. The responsivity
of both devices shows an increasing trend with decreasing incident power, as chances of carrier
recombination go down at low illumination intensities66. The strained device yields a higher
responsivity due to higher carrier mobility and better band alignment. The inset plot is the
statistical average of the detector performance. c, EQE spectra of the strained and strain-free
photodetectors showing that the strained photodetector yields a higher EQE as well as a broader
absorption spectrum due to enhanced carrier mobility and bandgap reduction. d, Response times
of the photodetectors, with faster rise and fall times for the strained (9 μs and 34 μs) than the strainfree (14 μs and 50 μs) device due to the enhanced carrier mobility and transport.
Figure 37a shows the responsivity of photodetectors at different strain levels under 0.015
W/cm2 illumination. Compared with the strain-free device, devices at -0.8%, -1.2% and -1.4%
strain levels show enhanced responsivity. Further increasing the compressive strain level will lead
to a deterioration of the responsivity due to the accumulation of defects. Table 3 summarizes the
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highest responsivity measured on α-FAPbI3 in the literature. The responsivity of the device is
comparable with the highest responsivity of a strain-free system with a similar device structure but
at a much weaker illumination and higher bias voltage.
Table 3. Summary of representative halide perovskite photodetectors with high
responsivities in the literature.
Device structure
Au/MAPbBr3/Au
Cr/MAPbI3/Cr
Au/MAPbI3/Au
Au/MAPbBr3/Au
Au/
(BA)2(MA)n−1PbnI3n+1
NWs/Au

Structure
Planar
Planar
Planar
Planar

Highest R
~10 A W-1
~20 A W-1
~20.4 A W-1
40 A W-1

Light power
0.01 mW cm-2
0.1 mW cm-2
2 μW cm-2
54 μW

Bias
-2 V
-1 V
-1.5 V
-5 V

References

Planar

2×104
A W-1

10-6 mW cm-2

-2 V

200

Au/FAPbI3/ITO

Vertical

1.3×106
A W-1

1.1×10-7 W cm-2

-1 V

This Work

220
221
222
223

Besides, the detectivity, which characterizes how weak light can be detected, and the gain,
which describes the number of charges flowing through an external circuit per incident photon, are
calculated by:

D = R⁄
√2qJd

(18)

G = 1240R⁄685

(19)

where D is the detectivity, R is the responsivity, q is element charge, Jd is the dark current density,
and G is the gain. They are also plotted as a function of illumination power level for both -1.2%
strained and strain-free devices (Figure 37b and 37c). Results demonstrate that the strained device
has better performance than the strain-free device. Additionally, after normalizing the EQE spectra,
a distinct response in the short-wave infrared region can be identified for the strained device
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(Figure 37d), consistent with the PL measurements showing bandgap reduction under compressive
strain.

Figure 37. Photoconductor-type photodetector characterizations based on the -1.2%
strained α-FAPbI3 thin film (2).
a, Responsivity as a function of strain level in α-FAPbI3. Devices under -0.8 %, -1.2 % and -1.4 %
compressive strain give better responsivity compared to the strain-free device. Further increasing
the compressive strain can lead to a higher density of dislocations, which reduces the responsivity.
b, Detectivity, and c, Gain of the photodetector based on α-FAPbI3 under -1.2% strain indicating
enhanced performance. d, Normalized EQE of the photodetector based on α-FAPbI3 under -1.2%
strain, showing an extended absorption range.
Compared

with

the

photoconductor-type

photodetectors,

the

photodiode-type

photodetectors exhibit a minimized dark current by blocking the external current injection with the
electrons/holes blocking layers. In this study, we aim at fabricating a detector with high
responsivity. Therefore, we fabricate and test the photodetector with the photodiode structure for
comparison. We fabricated a photodiode-type photodetector by inserting PEDOT: PSS as the hole
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transporting layer and tin dioxide (SnO2) as the electron transporting layer. The structure of the
photodiode type photodetector is Au/PEDOT: PSS/FAPbI3/SnO2/ITO, which is shown in Figure
38a. From the band diagram, the carrier injection under reverse bias is blocked due to the large
energy barrier. The characterization of the photodetector was carried out with a 685 nm red laser,
which is selected based on the highest EQE wavelength, under different input power levels. Figure
38b shows the I-V curves of the photodetector under the dark condition as well as under 1 µW
illumination. The I-V curves show a typical diode-like behavior while the dark current under -0.5
V is measured to be ~ 2x10-8 A. This value is more than two orders of magnitude lower than that
of the photoconductor type detector, as the reviewer pointed out. However, under the same
illumination power level, the photocurrent is much smaller than that of the photoconductor type
detector (~600 times lower at a 10-6 W incident power), therefore, leads to a lower responsivity
(~500 times lower at a 10-6 W incident power). The responsivity and the photocurrent under
different illumination power levels are also shown in Figure 38c. Under different illumination
power levels, the responsivity of the photodetector is always lower than 1 A W-1 (in comparison
with the responsivity of 200 A W-1 of the photoconductor type detector), indicating the block of
external current injection with the presence of the different transporting layers.
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Figure 38. Photodiode-type photodetector characterizations.
a, The band diagram of the photodetector. An Au/PEDOT:PSS/α-FAPbI3/SnO2/ITO structure is
used to build a photodiode. In this structure, the injection of external carriers under reverse bias is
efficiently blocked due to the large energy barrier. b, I-V curves the photodetector. The dark current
is reduced to ~10-8 A due to the diode structure. c, Responsivity and photocurrent of the
photodetector under different illumination power levels. Results show that the responsivity is
lower than 1 with the diode structure.
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3.9 Conclusion
The technique we developed enables the controllable strain engineering of halide
perovskites with epitaxial growth, which has a fundamental difference from the previous works.
Structural characterizations reveal the tetragonality increment with the increasing compressive
strain. Optical characterizations show a bandgap reduction and a VBM lifting with the increasing
compressive strain. Meanwhile, the hole mobility is also found to increase with strain. The
relaxation mechanism is systematically studied, and a high-performance photodetector is
demonstrated. The epitaxial system we developed is a generalized approach that can presumably
be applied to the entire halide perovskites family.
Chapter Three, in part, is a reprint of the material ‘Strain Engineering and Epitaxial
Stabilization of Halide Perovskites’, Chen, Y., Lei, Y., Li, Y., Yu, Y., Cai, J., Chiu, M., Rao, R.,
Gu, Y., Wang, C., Choi, W., Hu, H., Wang, C., Li, Y., Song, J., Zhang, J., Qi, B., Lin, M., Zhang,
Z., Islam, A., Maruyama, B., Dayeh, S., Li, L., Yang, K., Lo, Y., Xu, S., Nature, 2020, 577, 209.
The dissertation author was the primary investigator and first author of this paper.
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Chapter 4. Enhanced Structural Stability of Metal Halide Perovskites By Epitaxial
Stabilization

4.1 Motivation for Enhancing the Structural Stability of Metal Halide Perovskites
As the first demonstrated perovskite material for photovoltaic applications in the broad
metal halide perovskite family, MAPbI3 is considered as the most widely studied metal halide
perovskites and have received wide attention. In recent years, researchers also look into
perovskites with different compositions to further enhance the performance and improve the
stability (operation lifetime) of the devices. α-FAPbI3, under such concerns, is seen as an
alternative to replace conventional MAPbI3. Due to the smaller bandgap compared with that of
MAPbI3, α-FAPbI3 exhibits a better potential in photovoltaic applications. Solar cells based on αFAPbI3 has a much larger short-circuit current and, therefore, a higher power conversion efficiency.
To date, α-FAPbI3-based solar cells reached a certified 25.2% efficiency in 2019, which is much
higher than that of MAPbI3-based solar cells. Besides, it is also reported that α-FAPbI3 has an
enhanced thermal stability compared with conventional MAPbI3, making it a better candidate in
perovskite photovoltaic applications224.
α-FAPbI3, however, suffers from a structural stability issue under the room temperature.
During the crystallization or annealing process at high temperature, FAPbI3 crystallizes into the
photo-active α phase with the cubic crystal structure and an idea bandgap of 1.5 eV. During the
cooling down process to room temperature, α-FAPbI3 gradually phase transfer into the photoinactive δ phase with the hexagonal crystal structure and a bandgap of 2.4 eV, which makes it
inappropriate for photovoltaic and optoelectronic applications. A variety of methods have been
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carried out to stabilize the metastable α-FAPbI3 under the room temperature, and these methods
either introduce impurities into α-FAPbI3, enlarge the bandgap of α-FAPbI3, be impractical for
applications, or cannot achieve long-term stability. Besides FAPbI3, CsPbI3 also faces the same
structural stability problem at room temperature. Inorganic CsPbI3 are shown to have a superior
material stability compared to the organic-inorganic hybrid perovskites like MAPbI3 and FAPbI3,
which makes it a better candidate for commercial devices. Similarly, photo-active α-CsPbI3 will
transit to photo-inactive δ-CsPbI3 under the room temperature. Therefore, a long-term stabilization
strategy that doesn’t change the material properties and is practical for application integration for
these metastable metal halide perovskites is needed.
It is also worth mentioning that with the advances in computational capability, new metal
halide perovskites with different chemical compositions and crystal structures can be predicted by
the high-throughput machine-learning computational study based on the designed properties. Even
though these predicted perovskites may have excellent properties based on the computations, they
may suffer from structural stability issues at room temperature or ambient conditions. Therefore,
a general stabilization method is desired for the synthesis of the new metal halide perovskites
predicted by high-throughput computational study.

4.2 Current Studies of Stabilizing Metastable Metal Halide Perovskites
The most popular stabilization method for α-FAPbI3 is accomplished by mixing/doping
small ions225-227. Several reported works discussed the possible stabilization mechanisms behind.
Researchers explained the stabilization effect of mixing small ions by studying the entropy where
the formation energy of the mixed α phase was too large for the phase transition to take place225.
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Meanwhile, the internal strain of α-FAPbI3 lattice was reported as the driving force of the phase
transition, and the compensation of the strain by incorporating small ions could prevent the phase
transition114. Despite the success and reliability of this method, it should be pointed out that the
incorporation of the small ions usually leads to an enlarged bandgap225. As a result, light absorption
at the long-wavelength region will be inhibited, and the short-circuit current of the fabricated solar
cells will decrease228. Recently, researchers reported several mixing strategies that stabilized the
phase without the bandgap increment228,229. However, such incorporation showed short-term
stability of no more than several weeks. Meanwhile, the incorporation of external ions that were
not well-miscible with the α-FAPbI3 matrix would eventually lead to disorders and heterogeneity
in the lattice, and these heterogeneities would serve as non-radiative recombination centers that
deteriorated the device performance151.
Other stabilization methods of α-FAPbI3 were also reported. Surface functionalization and
dimension reduction are popular due to the recent emergence of low-dimensional halide
perovskites. The reduction of surface energy was accomplished by large-sized/nonconductive
organic molecules230. However, such functionalization with organic molecules would prohibit the
transport of charged carriers and, therefore, led to relatively low performance. Recently, a new
confinement strategy of α-FAPbI3 stabilization was reported. α-FAPbI3 was found to obtain phase
stability within patterned nanochannels231. Long-term stability was achieved by limiting the
expansion of α-FAPbI3 during phase transition to δ-FAPbI3 with the confinement of the
surrounding nanochannels. However, this method lacked compatibility with conventional
fabrication protocols and could hardly be applied to the device integration. Additionally,
encapsulating the α-FAPbI3 with mesoporous TiO2 scaffolds was found to enhance the phase
stability of α-FAPbI3232. However, the stability didn’t last long.
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4.3 Epitaxial Stabilization of Metastable Metal Halide Perovskites
The epitaxially strained α-FAPbI3 thin films demonstrate superior long-term structural
stability in our study. Figure 39a shows XRD results of a sub-100 nm epitaxial α-FAPbI3 thin film
that is stable for at least 360 days after growth (red curves). In the 10 μm epitaxial thick film,
which is far beyond the threshold thickness at which the strain is fully relaxed, the stabilization
effect disappears: after 24 hours, XRD peaks from δ-FAPbI3 can be detected (black curves). The
phase stability of the strained α-FAPbI3 is also verified by PL (Figure 39b) and Raman
spectroscopy (Figure 39c).
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Figure 39. Epitaxial stabilization.
a, Phase stability study of thin (~100 nm, strained) and thick (~10 μm, strain-free) epitaxial αFAPbI3 on MAPbCl1.50Br1.50 substrates by XRD. α stands for α-FAPbI3, δ stands for δ-FAPbI3,
and s stands for the substrates. The thin strained sample shows enhanced phase stability (red
curves). For the thick sample, the (001) peak at 13.92 ̊ is the same as the strain-free sample, which
indicates that the top surface of the thick sample is fully relaxed (day 0, black curve). The X-ray
can penetrate 10~20 μm in the halide perovskites, which explains why the substrate peaks are more
intense in the thin sample than those of the thick one. The strain-free thick sample shows signs of
the phase transition to δ-FAPbI3 after 24 hours (black curve). b, Phase stability study by PL
spectroscopy. Re-measurement of the thin strained sample after 360 days shows no obvious PL
peak shift but a slight decrease in peak intensity due to its natural degradation into PbI2 126. For the
thick strain-free sample, the PL spectrum shows an emission peak close to 1.52 eV, similar to that
of the strain-free α-FAPbI3 bulk crystal, indicating strain relaxation in the thick sample. Remeasurement after 24 hours shows that the thick film undergoes a transition from α-phase to δphase. Insets are optical images of the two samples, showing clear visual clues of the phase
stabilization in the thin strained sample and phase transition in the thick strain-free sample after
24 hours. Scale bars: 2 mm. c, Phase stability study by Raman spectroscopy. The Raman
characteristics of a thin strained sample show a peak at 143 cm-1 with no significant difference
after 360 days; the thick strain-free sample (with the peak at 136 cm-1) shows signs of phase
transformation to δ-FAPbI3 after 24 hours, as revealed by its signature peak at 108 cm-1.
Possible stabilization effect by incorporating Br or Cl into the α-FAPbI3 is excluded
because those foreign ions will stabilize the α-phase regardless of the epilayer thickness. X-ray
photoelectron spectroscopy (XPS) measurements showing the absence of Br and Cl provide more
evidence (Figure 40). We note that the XPS measurements are carried out by Kratos AXIS Supra
with an aluminum Kα anode source.
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Figure 40. XPS spectra of strained α-FAPbI3.
XPS spectra of a, I 3d, b, Pb 4f, c, Br 4p, and d, Cl 2p from a strained α-FAPbI3 film. Results show
that Br and Cl are absent in the strained α-FAPbI3.
The mechanism of the stable thin α-FAPbI3 can be explained by two reasons. First, the
interfacial energy of the cubic α-FAPbI3/cubic substrate is much lower than that of the hexagonal
δ-FAPbI3/cubic substrate, which is the most critical factor for the stabilization effect (see section
4.4 for calculational details). The epitaxial lattice will be constrained to the substrate due to the
strong covalent bonds between them and, therefore, restricted from the phase transition. Second,
the driving force of the α to δ phase transition is believed to be the internal tensile strain in the αFAPbI3 unit cell, which can induce the formation of vacancies and subsequent phase transition113.
In this study, the epitaxial film is under compressive strain, which can neutralize the effect of the
internal tensile strain. Therefore, the synergistic effect of the low-energy coherent epitaxial
interface and the neutralizing compressive strain is the key to α-FAPbI3 stabilization.
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To experimentally demonstrate the phase stability originates from the substrate lattice
constriction, we partially remove the epitaxial α-FAPbI3 thin film from the substrate and
investigate the phase stability of the removed α-FAPbI3. Due to the limited thickness of the
epitaxial α-FAPbI3 thin film, it is difficult to remove the epitaxial thin film by a shape razor blade
or needle. Therefore, we remove the epitaxial α-FAPbI3 by polishing a substrate covered with the
epitaxial α-FAPbI3 thin film with sandpaper. As shown in Figure 41a, removed α-FAPbI3 attached
to the upper half of the sandpaper while the removed substrate (MAPbBr3 in this case) attached to
the lower half of the sandpaper due to the over-polish. Meanwhile, the right half of the substrate,
which remains unpolished, is covered with epitaxial α-FAPbI3, while the left half shows exposed
substrate due to the removal of epitaxial α-FAPbI3. The removed α-FAPbI3, which attaches to the
sandpaper, remains in black α phase right after removal. After 24 hours, the removed α-FAPbI3
changes to the yellow δ phase, while the epitaxial α-FAPbI3 on the right half of the substrate
remains stable (Figure 41b). This experiment shows that the epitaxial stabilization of the α-FAPbI3
thin film originates from the constraint by the substrate lattice and relies on the existence of the
substrate. The MAPbClxBr3-x substrates are highly stable and, therefore, the epitaxial α-FAPbI3 is
expected to be highly stable as well.
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Figure 41. Stability investigation of the epitaxial and the removed α-FAPbI3.
Images of the a, as-polished and the b, 24-hour aged epitaxial α-FAPbI3 thin film. The left half of
the epitaxial α-FAPbI3 thin film is removed by a sandpaper while the right half of the epitaxial αFAPbI3 thin film remains on the substrate. Removed α-FAPbI3 that is attached to the upper half of
the sandpaper suffers from phase transition from black α phase to yellow phase after 24 hours.
The epitaxial α-FAPbI3 thin film remains on the substrate is stable without the phase transition.
Results show the epitaxial stabilization of the epitaxial α-FAPbI3 thin film relies on the constraint
from the substrate lattices.

4.4 First-principle Calculations of Epitaxial Stabilization
First-principles calculations are performed to investigate epitaxial stabilization of αFAPbI3 with respect to δ-FAPbI3 on MAPbBr3 substrates. A typical model of epitaxial stabilization
calculations compares the total energy changes of nucleating the two phases on the substrate233.
Equation (20) shows an expression of this model for this specific system:

∆E α−δ = (∆Efα − ∆Efδ )d + (∆Esα − ∆Esδ )d + (σα||S − σδ||S )

(20)

where the terms on the right-hand side for phase i (i = α, δ) are bulk formation energy (∆Efi), strain
energy (∆Esi ), and interfacial energy (σi||S , S means substrate) terms. Here, we use area-specific
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bulk energy terms (∆Efi and ∆Esi ) by setting the film thickness to d = 1 nm. The sum of the three
energy-difference terms is the total energy difference between strained α-FAPbI3 and δ-FAPbI3
(∆E α−δ). A negative ∆E α−δ indicates that the growth of α-FAPbI3 is energetically more favorable
than δ-FAPbI3 on the MAPbBr3 substrate, and thus the metastable α-FAPbI3 is epitaxially
stabilized. Calculation details and results for each energy term are discussed below.
The bulk formation energy (∆Efi) is the energy difference between bulk i-FAPbI3 and its
elemental components, as shown in Equation (21):

∆Efi = Ei − EFA − EPb − 3EI

(21)

Because we are dealing with polymorphs with the same composition, the elemental
components for both α and δ phases are the same. The total energy of the FA+ cation is calculated
based on an isolated molecule. Total energies of Pb and I are calculated using their most stable
crystal structures, with a space group of Fm3m and Cmce, respectively. By setting the film
thickness to 1 nm, we get area-specific bulk formation energies ∆Efα = −2.279 × 10−1 eV Å−2
and ∆Efδ = −2.31 × 10−1 eV Å−2. The results indicate that δ-FAPbI3 is more stable, which agrees
with the experimental findings that δ-FAPbI3 is more stable than α-FAPbI3 at room temperature129.
The strain energy of i-FAPbI3 (∆Esi ) is induced by constraints from the substrate due to
epitaxial nucleation and lattice mismatch. It equals to the energy difference between the films with
and without the strain (Equation (22)).

∆Esi = Eistrained − Ei

(22)
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In the case of α-FAPbI3, we have confirmed in the experiments that both MAPbBr3
substrate and α-FAPbI3 film are (001) oriented. Our calculations also show that lattice constants
of α-FAPbI3 and MAPbBr3 have a relatively large mismatch of 6%. Therefore, we can explicitly
obtain Eαstrained in Equation (22) by calculating α-FAPbI3 with 6% bi-axial compressive strain
along ab-axes. The area-specific ∆Esα is calculated to be 1.2 × 10−2 eV Å−2 .
In the case of δ-FAPbI3, the possible growth model is not straightforward. Therefore, we
perform a search for the lattice plane of minimal lattice mismatch with MAPbBr3 (001). The
hexagonal (001) close-packed plane of δ-FAPbI3 has dimensions of a = b = 8.62 Å and 𝛾 = 120°.
Based on this plane, the termination we found that is most compatible with MAPbBr3 (001)
substrate has a large vector strain of 13.2% and 3.43°, and an area strain of 18.3%. This obviously
exceeds the strain threshold for a coherent interface, which is usually below 10%
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. We thus

consider δ-FAPbI3 forms an incoherent interface with MAPbBr3 (001). A film with the incoherent
interface is not constrained by the substrate and the strain energy ∆Esδ is therefore 0.
To calculate the interfacial energy for α-FAPbI3 (001)/MAPbBr3 (001) (σα||S ), we build
heterostructural models consisting of m layers of substrate and n layers of film. The two
heterostructural models are shown in Figure 42a. They represent two different terminations,
namely FAI/PbBr2 (m = 5, n = 9) and PbI2/MABr (m = 5, n = 11). Note that only nine layers of
film material are shown in each structure for clarity.
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Figure 42. First-principles calculations of epitaxial stabilization.
a, Schematic heterostructural models used to calculate the epitaxial α-FAPbI3 (001)/MAPbBr3
(001) interface. The two interface terminations studied are FAI/PbBr2 and PbI2/MABr. In each
model, the blue plane indicates the interface, the upper section indicates the FAPbI3 film, and the
lower section indicates the MAPbBr3 substrate. b, Calculated phase diagram for α-FAPbI3 and
epitaxial α-FAPbI3 (001)/MAPbBr3 interface. The long, narrow region marked in green depicts the
thermodynamically stable range for equilibrium growth of α-FAPbI3 under different I and Pb
chemical potentials. Outside this region, the compound decomposes into FAI or PbI2. Three
representative points A (∆𝜇I = −1.02 eV, ∆𝜇Pb = 0 eV), B (∆𝜇I = −0.50 eV, ∆𝜇Pb = −1.03 eV), and
C (∆𝜇I = 0 eV, ∆𝜇Pb = −2.04 eV) are selected for calculating the interfacial energy. The red dashed
line separates the phase diagram into stability regions of the two different interfacial terminations
in a. 𝜇 represents the chemical potentials of the corresponding atoms.
The other two possible terminations for the α-FAPbI3 (001)/MAPbBr3 (001) interfaces are
FAI/MABr and PbI2/PbBr2 (not shown here). Through initial analysis of bonding characteristics,
we find that these terminations cannot form ionic bonds between the film and the substrate like the
Pb-I or Pb-Br bonds in FAI/MABr (PbI2/PbBr2). ‘Physical contacts’ like FAI/MABr and
PbI2/PbBr2
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at the interface are less stable than ‘chemical contacts’ like FAI/PbBr2 and

PbI2/MABr. Therefore, we only focus on FAI/PbBr2 and PbI2/MABr in this investigation.
After the heterostructural models are confirmed, the interfacial energy can be calculated
by subtracting the bulk energy of all components in the heterostructural model. Specifically,
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interfacial energy equations for these two heterostructural models are shown as Equations (23) and
(24).

α||S

σTERM1 =

1
MAPbBr3
strain
(EHS1 − 2 × EMAPbBr3 − 4 × EFAPbI
− μPb
3
2A
MAPbBr3

− 2 × μBr

α||S

σTERM2 =

FAPbI3

− μFA

FAPbI3

− μI

)

1
MAPbBr3
strain
(E
− 2 × EMAPbBr3 − 5 × EFAPbI
− μMA
3
2A HS2
MAPbBr3

− μBr

FAPbI3

− μPb

FAPbI3

− 2 × μI

(23)

(24)

)

where EHS is the total energy of the heterostructural model, EMAPbBr3 is the total energy of the
strain
strain-free MAPbBr3 lattice, EFAPbI
is the total energy of the strained α-FAPbI3 lattice, and μ
3

represents the chemical potentials of the corresponding atoms/molecules. Each of the
heterostructural models contains two identical interfaces, and A is the interfacial area.
On the right-hand side, the trailing terms represent the bulk energy of each component in
the heterostructure. For example, there are nine layers of α-FAPbI3 in FAI/PbBr2 , which equals to
four intact α-FAPbI3 unit cells (each has two layers) plus one extra layer of FAI. The extra or unstoichiometric components require the determination of their chemical potentials in the
corresponding film or substrate material. Here we show in detail how we obtained chemical
potentials of un-stoichiometric α-FAPbI3 components.

∆μFA + ∆μPb + 3∆μI = ∆H(FAPbI3 ) = −5.78 eV

(25)

∆μPb + 2∆μI < ∆H(PbI2 ) = −2.02 eV

(26)
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∆μFA + ∆μI < ∆H(FAI) = −3.74 eV

(27)

According to thermodynamic stability limits expressed in Equations (25) - (27), we plot
the phase diagram for α-FAPbI3 against the chemical potential change ∆𝜇I and ∆𝜇Pb. Figure 4.4b
shows the phase diagram, and the long, narrow green region indicates the thermodynamic stability
region for the synthesis of α-FAPbI3. We select three representative points throughout the whole
region for the following calculations: A (∆μI = −1.02 eV, ∆μPb = 0 eV), B (∆μI = −0.50 eV,
∆μPb = −1.03 eV), and C (∆μI = 0 eV, ∆μPb = −2.04 eV).
Similarly, we obtain the phase diagram for MAPbBr3 substrate (not shown) and select one
representative point P ( ∆μBr = −0.70 eV , ∆μPb = −1.47 eV ) in the middle of the
thermodynamically stable range. The values of point P are used as constants in Equations (23) and
(24) for the un-stoichiometric MAPbBr3 components.
We also added the stability limit for FAI/MABr and PbI2/PbBr2 in the phase diagram
(Figure 42b). As the red dashed line shows, FAI/MABr is more stable in the region below this
limit, and it covers the whole stability range of α-FAPbI3. Therefore, we only need to calculate the
interfacial energy for FAI/MABr, and the results are 2.86×10 -4 eV Å-2, 4.29×10-4 eV Å-2, and
2.86×10-4 eV Å-2 at A, B, and C points, respectively. Interestingly, the composition of interfacial
terminations and their preferred chemical potential conditions agree with each other. For the δFAPbI3/MAPbBr3 (001) interface, the interfacial energy σδ||S is given as 6.242×10-2 eV Å-2 (i.e.,
1 J m-2), a typical value for incoherent interfaces233.
Results for all energy terms in Equation (20) are summarized in Table 4. The calculated
total energy change of nucleating α-FAPbI3 is around -2.155×10-1 eV Å-2 (regardless of chemical
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potential conditions), while the value for δ-FAPbI3 is -1.6858×10-1 eV Å-2. Apparently, ∆E α−δ has
a negative value of around -4.7×10-2 eV Å-2 (i.e., -0.75 J m-2), which indicates epitaxial
stabilization of α-FAPbI3 with respect to δ-FAPbI3 on MAPbBr3 substrates. This result is
comparable to the prior successful prediction of epitaxial stabilization.
Table 4. Thermodynamic terms relevant to epitaxial nucleation of α-FAPbI3 and δ-FAPbI3
on cubic MAPbBr3 substrates.
A
∆Ef
∆Es
σ
∆E
∆E (α- )

0.0286×10-2
-21.5614×10-2
-4.7034×10-2

α-FAPbI3
B
-22.79×10-2
1.20×10-2
0.0429×10-2
-21.5471×10-2
-4.6891×10-2

C

0.0286×10-2
-21.5614×10-2
-4.7034×10-2

-FAPbI3
--23.10×10-2
0
6.242×10-2*
-16.858×10-2
--

The bulk formation energy (∆Ef), strain energy (∆Es), interfacial energy (σ), total energy change
(∆E), and the difference between of the two phases (∆E (α-δ)) are in eV Å-2. The value marked
with * indicates that the interface between the substrate and the -FAPbI3 is considered incoherent,
and the interfacial energy term is set at 1 J m-2 = 6.242×10-2 eV Å-2.
From Table 4, we can see that the bulk formation energy is the largest term but yields a
small difference (3.1×10-3 eV Å-2) between α-FAPbI3 and δ-FAPbI3. The strain energy term is in
favor of δ-FAPbI3 by a large value of 1.2×10-2 eV Å-2. The main contribution to ∆E α−δ is from
interfacial energy, which is above 6×10-2 eV Å-2 and decides the overall energy preference.
Notably, to accurately determine energetics using DFT calculations, we apply a large interfacial
mismatch (strain = -6%) to calculate the strain energy term for α-FAPbI3. However, the
calculations represent an upper limit of strain’s influence and guarantee a negative ∆E α−δ in lowerstrain circumstances. Strains below 6% would definitely yield a ∆Esα less than 1.2×10-2 eV Å-2 and
a more negative ∆E α−δ , which better ensures epitaxial stabilization of α-FAPbI3. Another
experimental variable is the substrate composition. We use MAPbBr3 as the substrate in the
heterostructural model to calculate the interfacial energies, but in experiments we also use mixed-
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halide substrates with Cl composition up to MAPbCl1.50Br1.50. This will not change the conclusion
of the discussions here because the substrate energy is excluded in the calculation of the interfacial
energy, as shown in Equations (23) and (24).
Besides, the consideration of the stabilization mechanism is based on the system with both
the α-FAPbI3 and substrate lattices rather than just focusing on the α-FAPbI3 lattice alone. Two
different heterostructures (i.e., the α-FAPbI3/substrate and the δ-FAPbI3/substrate) are used to
study the interfacial energy of the nucleus crystallization during the epitaxial growth. The structure
with lower interfacial energy will be more favorable during nucleus crystallization and, thus, more
favorable to form. Calculation results show that the interfacial energy of the α-FAPbI3/substrate
(0.0286×10-2 eV Å-2) is much lower than that of the δ-FAPbI3/substrate (6.242×10-2 eV Å-2).
Therefore, the total energy of the α-FAPbI3/substrate system is much smaller than that of the δFAPbI3/substrate system because of the interfacial energy benefit, which stabilizes the epitaxial αFAPbI3 on the substrate. Additionally, the phase transition depends on not only the energy
landscapes of both phases (phases before/after phase transition) but also the energy barrier between
the two phases. This is where the epitaxial constraint from the substrate comes into play. In order
to make the phase transition to happen, the α-FAPbI3 needs to break the ionic bonds with the
substrate, which represents a very high energy barrier. Therefore, due to the synergistic effects of
strain and epitaxial constraint, the α-FAPbI3 is stable for the long term, as observed in this study.
In summary, our calculations show reliable and robust validation of the epitaxial stabilization of
α-FAPbI3.
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4.5 Difference Between the Epitaxial Stabilization and the Current Stabilization Methods.
Besides the conventional stabilization by forming mixed perovskite alloys, the dimensional
reduction, as well as the encapsulation effects, are also reported230,231,235,236. Herein, we discuss the
differences between these methods with the epitaxial stabilization in this study and demonstrate
that the epitaxial stabilization is from neither the dimensional reduction nor the encapsulation
effect.
The dimensional reduction of the α-FAPbI3 is usually accomplished by forming twodimensional α-FAPbI3with several atomic layers or zero-dimensional quantum dot with a limited
number of lattices230. This low-dimensional α-FAPbI3is usually capped with surfactants/capping
agents to reduce the surface energy so that the metastable α phase can be stabilized. In the case of
the epitaxially stabilized α-FAPbI3, however, the thin film is far beyond several atomic layers and,
therefore, will not be considered as the effect of the dimensional reduction.
The encapsulation effect is also reported to stabilize the α-FAPbI3. Embedding the αFAPbI3 into the mesoporous TiO2 scaffolds was reported to retard the phase transition due to the
partial encapsulation by the mesoporous TiO2 232. Meanwhile, the stabilization of α-FAPbI3 within
nanochannel was also reported231,236. The encapsulation of the α-FAPbI3 with the nanochannels
prohibits the phase transition by constraining the volume expansion of α-FAPbI3 to δ-FAPbI3 in
the nanochannels. However, in both cases, an epitaxial relationship between the mesoporous
TiO2/nanochannel and the constrained α-FAPbI3 is not necessary. In the case of the epitaxial
stabilization, the α-FAPbI3 is grown on the substrate, with only the bottom surface chemically
bonded to the substrate. The α-FAPbI3 lattice is constrained to the substrate, which is the essential
difference from the encapsulation method.
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By comparing these two methods with the epitaxial growth, we can conclude that both the
dimensional reduction and the encapsulation effect require the entire capping/encapsulation of the
α-FAPbI3 by either the capping agents or space-confinement objects. In the epitaxial stabilization,
the epitaxial α-FAPbI3 grows on the substrate and leaves the top surface, and the side surfaces
uncapped. The stabilization effect comes from the coherent growth of α-FAPbI3 with the
substrates. During nucleation, the crystalized α-FAPbI3 will adopt the most conformal atom
sequence to accommodate the existing substrate crystal structure. Once crystallized, the formed
epitaxial lattice will be constrained to the substrate due to the strong chemical bonds between them.
Therefore, the epitaxial growth is also used to stabilize the polymorphs that are unstable under
ambient condition237-239. The origin of the epitaxial stabilization actually comes from the coherent
interface rather than the reduced dimension or the encapsulation effect. The epitaxial α-FAPbI3
thin film strongly bonds to the substrate, leaving other surfaces uncapped. Not to mention the
passivation effect of the surfactant. Therefore, we can exclude the possibility of dimensional
reduction and encapsulation effects regarding the phase stabilization of α-FAPbI3.
Besides, a recent study shows that the residual strain produced from the thermal expansion
coefficients difference during the thermal annealing can be used to temporarily stabilize the
polycrystalline α-CsPbI3 film120. However, the mechanism is different from the internal lattice
strain neutralization. The isotropic (to the randomly orientated polycrystalline perovskite lattices)
residual strain originates from the thermal expansion coefficients difference between the glass
slide and the polycrystalline perovskites. During cooling down, the constraint from the glass will
prevent the phase transition of the α-CsPbI3 film. The weak constraint by van der Waals contact
between the glass slides and the perovskite will be unstable against the environmental fluctuations
and can gradually lose the stabilization effect. In the case of chemically epitaxially strained α119

FAPbI3, we suggest that strong constraint from the ionic bond at the epitaxial interface restricts
the phase transition, and neutralization of the lattice internal tensile strain can also be an important
reason for stabilization. The strain we applied by epitaxial growth is an anisotropic lattice strain
(to the aligned single-crystal lattices), which is different from the isotropic residual strain from the
reported work120.

4.6 Conclusion
In this chapter, we have demonstrated the long-term structural stability of the metastable
phase-pure α-FAPbI3 without sacrificing the semiconducting properties and the compatibility with
the existing device fabrication protocol. Besides, the epitaxial strain can be applied to stabilize the
polymorphs of metastable perovskites. Perovskites with new compositions are recently predicted
through computational designs240. However, those predicted new perovskites with novel optical
and electronic properties may have unstable crystal structures under room temperature or normal
working conditions. In this case, epitaxial stabilization can be potentially applied to stabilize these
unstable perovskites on suitable substrates. The reported approach can be generalized to other
halide perovskites with different compositions and structures.
Chapter Four, in part, is a reprint of the material ‘Strain Engineering and Epitaxial
Stabilization of Halide Perovskites’, Chen, Y., Lei, Y., Li, Y., Yu, Y., Cai, J., Chiu, M., Rao, R.,
Gu, Y., Wang, C., Choi, W., Hu, H., Wang, C., Li, Y., Song, J., Zhang, J., Qi, B., Lin, M., Zhang,
Z., Islam, A., Maruyama, B., Dayeh, S., Li, L., Yang, K., Lo, Y., Xu, S., Nature, 2020, 577, 209.
The dissertation author was the primary investigator and first author of this paper.
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Chapter 5. Summary

Throughout the time in Professor Xu’s group as a graduate student, I have worked towards
making significant contributions in the controllable epitaxial growth of single-crystal metal halide
perovskites and high-performance electronic devices based on single-crystal perovskites. Our
contributions are substantial, as summarizing below.
In Chapter 2, we report the first single-crystal metal halide perovskite microarrays with
controllable morphologies/orientations and large-area uniformity by the homoepitaxial growth
method. The integration of the water-resist Parylene-C polymer layer enables the first direction
fabrication on the single-crystal perovskite substrate, which is compatible with the advanced
fabrication techniques. Based on our high-quality perovskite microarrays, we propose a platform
for fabricating vertical-structure single-crystal perovskite devices with reduced dimension, high
uniformity, and the ability to integrate multiple functional layers, which is fundamentally different
from the previous single-crystal perovskite devices with bulky size, planar structure, and
uncontrollability. Our controllable homoepitaxial growth method also shows compatibility with a
broader perovskite family for high-quality single-crystal perovskite growth. As a result, a highperformance single-crystal-perovskite-based micro-LED with high EQE and high resolution is
demonstrated.
In Chapter 3, we report the first controllable strain engineering of metal halide perovskites
by leveraging the lattice mismatch at the heterointerface between two perovskites with different
compositions and lattice constants. Preceding this endeavor, the strain engineering of metal halide
perovskites has been unsuccessful, and the way of applying strain to the perovskites is
121

uncontrollable due to the lack of suitable substrate, inappropriate growth method, and failure to
form strong chemical bonds at the interface. With the experience in the controllable homoepitaxial
growth, we successfully strain the epitaxial perovskite with lattice-mismatch heteroepitaxial
growth. As a result, compressively strained α-FAPbI3 has demonstrated enhanced properties in
light absorption and carrier dynamics.
In Chapter 4, we report a novel long-term epitaxial stabilization method to structurally
stabilize the metastable α-FAPbI3 without suffering from the phase transition. Our stabilization
method overcomes the drawbacks of preceding stabilization methods such as the bandgap
enlargement, carrier transport inhibition, fabrication incompatibility, and short-term stability. Our
epitaxial stabilization method also provides insights into stabilizing other metastable perovskites
and synthesizing predicted perovskites, which can potentially broaden the existing perovskite
family.
In conclusion, we systematically study and solve the problems in the controllable epitaxial
growth and device integration for the next-generation single-crystal metal halide perovskite
electronic devices. Our unique epitaxial growth platform also provides insight into stabilizing
metastable perovskite compounds, both existing and predicted. These scientific advancements can
potentially benefit the broad metal halide perovskite family with different compositions and
structures. Therefore, we conclude that our epitaxial growth platform significantly advances the
single-crystal metal halide perovskite electronic devices.
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