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ABSTRACT 

A paramagnetic aus tenitic alloy of nominal composition Fe-36:-:i-3Ti-

. 3Ta-0 • SAl-I. 3Mo-0 .3V-0 .0lB has been designed to achieve a good combination 

of yield strength and fracture toughness at ambient temperature. After 

forging and agingat7S0°C for hours followed by aging at 670°C for 4 hours, 

the alloy attains a yield strength of 20Sksi (1415 MFa) with a plane strain 

fracture toughness of ~110 ksi lin. (120 MFa rm). The good strength-tough

ness properties of the alloy are attributed to the formation of a dense 

distribution of y' precipitates on aging, to the influence of Ta in im

proving the strengthening due to the y' phase, and to the combined ef-

fect of proper heat treatment and the Mo-V-B addition in suppressing cellular 

precipitation of the equilibrium n-phase.. The technical considerations· 

motivating the-choice of alloy composition and heat treatments are dis-

.. cussed and themetallographic characteristics of the alloy described. 
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:hc research reported here is taken from an ongoing alloy develop~e~t 

project. !:s objective is the design of austenitic steels which combine very 

high strength with good residual fracture toughness for use in ambient te~p2ra-

ture applications such as retaining rings for large electrical generators. 

The engineering considerations which underlie the project(1,2) dictate that 

the alloys be non-magnetic, that they achieve yield strengths near 200 ksi 

(1380 }W.a) with good residual fracture toughness in both air and low pressure 

gaseous hydrogen, and that their properties be uniformly achievable in thick 

sections through thermal processive procedures which do not critically rely 

on thermomechanica1 treatment. Given these criteria the obvious candidate 

alloys are the iron-based supera110ys, which age-harden to high strength through 

the formation of hardening precipitates based on substitutional species. The 

maximum reported yield strengths of thermally processed iron-based supera110ys 

are, however, well below the target value of 200 ksi (1380 MPa). The research 

reported here was undertaken to substantially increase the attainable yield 

strength of iron-based superalloys without materially sacrificing fracture tough-

ness. The present paper reports initial success in achieving that objective. 

The subsidiary objective, that the alloys also resist embrittlement in gaseous 

hydrogen, was not addressed in the research reported'here and will be the sub-

ject of a subsequent publication. 

The iron-based supera110ys, which are Fe-Ni austenitic alloys hardened by 

additions of titanium and aluminum, have been the subject of research in alloy 

(3-7) 
development for some thirty year~. These alloys harden on aging throu~~ 

the formation of an intermediate coherent precipitate, designated y', which has 

the composition Ni3(Ti,A1) and an ordered fcc crystal structure of the L12 

type~S,9) The precipitates forn:. uniformly through the matrix on aging, but \,il1 
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be eventually superseded by the equilibrium n ph~se which has a hexagonal 

crystal structure and enters through cellu~ar precipitation at the grain 

boundaries. The hardness increase obtained upon aging to form the y' 

precipitate is principally determined by the titanium content and the 

aging temperature. Maximum hardness is established after aging at rela-

tively low temperatures, 650-7S0°C. The available commercial grades.of 

these alloys can achieve yield strengths of approximately 130 ksi (900 

MPa) after isothermal heat treatment to peak hardness(lO,ll).; 

Due to their good creep strength and oxidation resistance at moder-

ately high temperatures and their low cost relative to that of the nickel-

based superalloy compositions. Fe-based superalloys have been widely' used 

in the manufacture of gas turbine components. The useful combination of 

corrosion resitance, ease of fabrication, high strength, and· non-magnetic 

properties offered by these alloys at low temperature has, however. not 

been fully utilized in the past, primarily because of competition from 

other types of low-cost austenitic steel which achieve a similar strength 

. (12 13). 
level after heavy cold work" • As evidenced by the work reported 

helow~ the iron-based superalloys retain a significant and largely un-

tapped potential for applications in which high strength and high tough.,. 

ness are required and ferromagnetism and mechanical processing are un-

desirable. 
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II. ALLOY DESIG:\ CO~SIDERA.TIONS 

A. Precipitation Hardening Constituents 

The strengthening of superalloy~ by coherent, ordered precipitates is 
ordering 

generally attributable to a combination of the effects of I and lattice 

mismatch in the precipitate in resisting the glide of matrix dislocations. 

The superlattice ordering of the hardening precipitates has the consequence 

that a dislocation which i,s a perfect dislocation in the matrix becomes an 

imperfect dislocation in the superlattice of the precipitate, and will con-

sequently create an antiphase boundary on passing through. The arttiphase 

boundary energy results in an effective force which opposes dislocation motion 

through the precipitate. Hardening due to precipitate-lattice mismatch 
associated 

results from the lelastic strain field of the precipitate, which inevitably 

either attracts or, repels the dislocat.ion and opposes its motion past the pre-

cipitate particle. 

The principle source of 

is generally believed to be 

strengthening in y' hardened, iron-based superalloys 

(14 15) . order-hardening , s~nce the lattice misfit 

between the precipitates ,and the matrix is small, as evidenced by the spheri-

cal shape of the y' particles. Previous research on the conventional iron-

based superalloys suggests that an optimum hardening'is obtained if the prin-

cipal hardening element is titanium with a small admixture of aluminum. This 

choice of additives to an Fe~Ni composition leads to a dense distribution of 

nearly spherical y' precipitate particles which are belived to have composition 

Ni3Ti with a small admixture of aluminum in substitution for titanium. 

As earlier research under· the present project has shown, it is p'ossible 

to achieve significant increases in strength over that available with commer-

cia! iron-based superalloys by increasing the titanium content artd optimizing 

the heat treatment(16,17). However, the highest values obtained remain below 
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the target strength of 200 ksi yield. Moreover, it becomes increasingly 

difficult to maintain reasonable fracture toughness when the titanium con-

t~nt is raised significantly because of an increased tendency toward preci-

pitation of the equilibrium phase along the grain boundaries. The achieve-

ment of exceptionally high strengths with good residual toughness therefore 

seems to require the chemical modification of the y' precipitate phase to ' 

increase its hardening capability. 

A number of investigators,in particular Decker and Mihalisin(l8), have 

argued that the coherency strains associated with the y' precipitate are also 

important in hardening in nickel-based superalloys. Decker and Mihalisin 

attempted to isolate and measure the influence of coherency strains on nickel-

aluminum-terniary element alloys. Their results, which are reproduced in Fig. 1, 

show an almost linear relation between the maximum hardness obtained on aging 

and the lattice mismatch between the y' precipitate and the parent matix. 

The maximum mismatch, and hence the maximum hardenabiljty, was obtained with 

tantalum additions to the nickel-aluminum base alloy. 

Given this background the alloys chosen for the present work were tanta-

lum-modified iron-based superalloys, drawn from the sytem Fe-Ni~Ti-AI-Ta. 

The specific alloy composition which will be discussed below is, in 

Fe-36Ni-3Ti-3Ta-0.SAl. This particular composition was selected after 

preliminary experiments to obtain a paramagnetic, stable austenitic alloy 

hardened by y' precipitates. The constraint that the alloy be paramagnetic 

after final processing requires that the residual matrix nickel content be 
I 

such that the Curie temperature of the alloy iies below room temperature. 

The matrix nickel content after aging should hence be less than approximately 

30 wt.%, which suggests an initial content not much above 36 wt.%. The require-

ment that the alloy be stable with respect to stress-induced martensitic trans-

formations, so that its full yield strength may be used, suggests that the 
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matrix nickel content after aging should be as high as the magnetic constraint 

~ill permit; hence the choice of 36Ni. The amount of the tantalum addition 

",'as chosen to provide a substantial increment to precipitation hardening while 

preserving the y' precipitate type. Research on the properties of nickel-based 

superalloys, and also on phase relations in iron-based supera1loys conducted 

(19 20) 
during the present researcH " shows that if the ratio Ta :Tibecomes suffi-

ciently high, the crystallography of the precipitate particle will change in 
< 

type from the cubic y' to a tetragonal y" phase. While recent research does 
phase 

suggest that the y"/may be profitably used in the hardening of iron-based super-

alloys, in the initial work reported here it was felt desirable to minimize 

the metallurgical departure from current superalloy technology. The addition· 

of 3 wt. % tantalum to a 3Ti-0.SAl initial addition is, as shown below, suffi-

cient to provide a substantial increment to hardening without changing the 

precipitate structure. 

B. Grain Boundary Modifiers 

Previous research on iron-based superalloys, and that carried out in the 

earlier stages of· the present '!esearch, show the importance of inhibiting 

intergranular embrittlement during thermal treatment. In the iron-base super-

alloys this intergranular embritt1emertt has two causes: the preferential pre-

cipitation of the hexagonal n phase along grain boundaries, and the chemical 

poisoning of the grain boundaries by residual impurities in the matrix. In 

earlier research on iron-base supera1loys a terniarymicroa1loy addition of 
,,. 

molybdenum, vanadium and boron has been found usef~l to suppress intergranular 

.embritt1ement and improve grain boundary properties. A similar addition was 

used in the present research. While the influence of microa1loy additions on 

grain boundary properties is a subject deserving independent investigation, 

it has not yet been possible to conduct that investigation in the present work. 

The microalloy addition used here was chosen from earlier supera110y research, 
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and taken to be, in wt.%, 1. 3Mo-0. 3V-0. OIB. 

C. Choice of Heat Treatment 

The maximum hardening achievable with a particular y' precipitate is rela-

ted to the obtainable precipitate volume fraction and hence tends to increase 

as the solute content is raised or as the aging temperature is lowered. How-

I 
ever, even in the presence of grain boundary modifiers, a high solute content 

promotes the early formation of equilibrium n phase along grain boundaries(2l,22) 

with a consequent loss in both obtainable strength and toughness. The extent 

of matrix precipitation prior to the intrusion of the n phase may be increased 

by lowering the aging temperature, but the kinetics of hardening become very 

slow at low temperature, and the required heat treatments may hence become un-

desirably long. A heat treatment technique which permits the achievement of 

high strengths in reasonable aging times is the "double aging" treatment stu

died by Blower and Mayer(23) and widely used in the processing of superalloys. 

In this approach the alloy is given an initial hardening treatment at relati-

vely high temperature followed by a second aging at lower temperature. The 

high temperature ,treatment initiates the precipitation reaction and the alloy 

hardening, but is terminated before the cellular reaction leading to the equi-

librium n phase intrudes. Aging is then continued at. lower temperature to 

achieve maximum hardness. 

The precise mechanisms of hardening through the "double aging" process are 

not well understood, and are investigated further in this work. Previous ex-

perience has, however, shown that "double aging" leads to a finali.illoy strength 

comparable to or exceeding the best achievable at the lower of the two aging 

temperatures. 

In the work reported in the following, research was conducted to optimize 

the heat treatment of an alloy of composition Fe-36Ni-3Ti-3Ta-0.SAl-l.3Mo-0.3V-

O.OlB in an attempt to obtain yield strengths near 200 ksi (1380 MFa) with good 

residual toughness. 
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.. I I I. EXPERIMENTAL PROCEDURE 

The experimental materials were taken from two 10 kg ingots induction 

melted under helium atmosphere from raw materials of electrolytic purity. 

The ingots had nominal composition, in wt pct, Fe-36Ni-3Ti-3Ta~0.5Al-l.3Mo-

0.3V-0.01B; the actual compositions determined by chemical analysis are 

given in Table I. The two ingots were homogenized for 24 hours at l200°C 

then upset cross-forged at ll00°C into plates 30mm thick by 70mm wide." 

Research specimens of appropriate size were cut from these plates and sealed 

in stainless steel bags for the thermal treatments. The samples were water-

quenched after aging treatment and then tested for hardness, tensile proper-

ties, and fracture toughness. 

The hardness measurements were carried out on samples cleaned by chemical 

polishirig (5%HF in H202). The Rockwell C scale using a 150 lb major load and 

a l5sec escape time was employed for all specimens of sufficient hardness. 

For very soft specimens, hardness < RC aJ, the Rockwell A scale was used with 

a major load of 60 lb and a 20 sec escape time. Each data point shown repre-

sents an average of at least 5 indentations, though the standard deviations 

of the data obtained from these tests were always less than 0.5R . 
c 

Tensile tests were conducted on a 20,000 lb capacity MTS machine, employing 

subsize round specimens of l2.7mm gauge length and·3mm gauge diameter. All 

specimens were tested at room temperature at a strain rate of 0.04/min. The 

yield strength was measured as the stress corresponding to O.~offset strain. 

The tensile elongation and reduction in area were measured using a traveling 

microscope with an accuracy + O.Olmm. Fracture toughness tests were conducted 

using both compact tension specimens, prepared according to ASTM standards, 

and fatigue-cracked Charpy specimens tested in three-point bending. The speci~ 

mens were precracked by fatigue to develop a crack length between 0.45 and 0.55 
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of the specimen width. When valid K
1C 

values were not obtained in the tests, 

Witt's equivalent energy method(24) was used to estimate the plane strain 

fracture toughness. Mechanical properties were in all cases measured along 

the longitudinal direction of the original plate. 

Metallographic analyses included optical microscopy, scanning electron 

fractography, and transmission electron microscopy. Optical metallographic 

specimens were cut in the transverse direction of the plate, polished and 

etched with a solution of FeC13 (lgm) + Hel (10 mD + H20 (20 ml) to obtain 

measurements of grain size and to evaluate the distribution of precipitates 

at the grain boundaries. The fracture surfaces of broken specimens were exa-

mined in an AMR-1000 scanning electron microscope operated at 20 kV. The 

crystallography and microstructural distribution of the precipitate particles 
. . 

was studied by thin foil tr-ansmission electron microscopy, using samples pre-

pared by normal chemical thinning followed by jet polishing in a chromic-acetic 

solution. Electron microscopy and electron diffraction studies were carried 

out in a Philips EM-30l electron microscope operated at 100 kV. 
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n' ~ RESULTS AhTDDISCUSSION 

A. Age-Hardening Studies 

To study the initial kinetics of age hardening, the alloys were given 
. 

a solution anneal'at lOOO°C for one hour and quenched in ,water. This solu-

tion treatment appeared sufficient to dissolve all intermeta11ic phases and 

to eliminate the residual stresses and defects introduced during forging. 

The clean initial austenite matrix obtained after solution annealing is 

illustrated in Fig. 2. 

The isothermal age-hardening characteristics of the alloys were deter-

mined over the temperature range 500-900°C for aging time up t06days~" The 

resulting aging curves are shown in Fig. 3. A substantial 'hardening was'ob-

tained- at all temperatures between 625° and 800°C. No hardening ·resulted" 

when the alloy was ag~d at 500°C for tip to 168 hours, presumably because of 

the low diffusivity of substitutional species at this low temperature. ,.- Only 

a slight hardening was found when thealioywas aged at 900°C, in this case 

presUmably because the aging temperature is above the solvous temperature of 

the-y' phase (870°C)(25,26). The slight increase in hardness after long 

aging time at 900°C is attributable to the formation of the equilibrium n phase 

which forms in the alloy with the Widmanstatten morphology. 

As 'expected, the peak hardness increases a.s the aging temperature is lowered 

but the required aging time -increases dramatically. - "Double aging" treatments 

were hence investigated'as a method for increasing the effective hardening 

kinetics. 

To explore the "double aging" response the alloys were initially aged at 

725°C for 8 and 16 hrs, were water-quenched, and were then given a second aging 

at 625°C. 'The resulting aging curves are plotted in Fig. 4. The alloy hardness 

increases rapidly during the second aging, and reaches a plateau at a maximum 

., 
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hardness significantly greater than is obtainable after isothermal aging 

. at 725°C. A hardness increment of 2.5 RC is obtained after 16 hr of secon

dary aging, permitting the achievement of a hardness comparable to the maxi-

mum obtainable at625°C,but in a much shorter total aging time. The final 

hardness of the alloy seems to depend on the hardness .1ev~1 developed in the 

first,aging step, but the dependence is not strong if·the initial aging is 

carried out to near the hardness peak. 

The acceleration of the aging reaction through the "double aging" process 

has been known for some time(23), but remains incompletely understood. Recent 

investigations employing transmission electron microscopy in overaged nicke1~ 

based superal10ys(27) , a~d applying resistivity measurements to iron-based 

supera110ys(28) suggest that the second aging s~ep initiates a secondary pre-

cipitation process which interacts symbiotically with primary precipitation 

to give a higher total strength. This interpretation is supported by the 

results of transmission electron microscopy reported in the following section. 

The tensile and' fracture toughness properties of the alloys were deter~ 

mined as a function of aging treatment, and the results are presented in.:Table Il 

It is clear fromth:se data that the tantalum-modified supera110ys develop an 

outstanding combination of yield strength and ts>ughness in relation to the 

properties of available precipitation hardened austenitic alloys. A yield 

strength of above 170 ksi. (1170 MFa) can be achieved with good residual frac-

ture toughness. The more favorable hardening respc:>nse is believed to be asso

ciated with-an increase in the coherency strain of the y' precipitate caused 

by an admixture of tantalum, as suggested by Decker and Miha1isin(8). 

B. Transmission Electron Microscopy 

Transmission e1ectron,microscopic studies of the isothermally or double 

aged specimens show the formation of a dense uniform distribution of y' preci-

pitate particles within the matrix, as illustrated in Fig. 5. The y' transi-
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tion phase has an L12 ordered fcc cryst'B.l structure and forms in a cubic/ 

cubic orientation with the parent matrix: {lOa} ,I I {lOa} ; <010 > 'I <010> y' y y~ y 

The lattice parameter of the ylprecipitate is very close to that of the 

parent matrix. 

Several characteristics of the y' precipitation are illustrated by ,the 

transmission electron microscopic results shown in Fig. 5. Thesuperlattice 

reflections of the y' phase are seen in the diffraction pattern shown in Fig. 5(a), 

, .. hich also includes the fundamental reflections of the parent matrix. Fig. S(b) 

shows the structure contrast of the y' phase, which can only be observed when 

,the specimen foil thickness is of the order of the y' particle diameter. 

Fig. 5(c) is a dark field transmission electron micrograph taken from the (100) 

superlattice reflection. Figs . S (b) and 5(c) reveal the nearly sphe,rical form 

of the y' precipitates, which is expected as a consequence of their sinall 

, lattice mismatch with the parent phase. The y' particles do, however, involve 

some lattice distortion which may contribute to the hardening. This distortion 

results in an elastic strain field around the particle, which leads to a high 

strain contrast in bright field transmission electron micrographs ,taken under 

strong two beam diffraction conditions, as shown in Fig. Sed). The cubic y' 

phase is the only intermediate precipate structure detected in these studies. 

The growth of the y' precipitate particles during isothermal aging at 72SoC 
the sequence of 

is illustrated in/the transmission electron micrographs presented in Fig. 6. 

As the particles grow they give a more distinct contrast in transmission elec~ 

tron micrographs due to the fact 'that the intensity of the particle reflectiqns 

increases approximately as the square of the particle size. Lifshitz ,and 

(29 30) Wagner ' have argued that when the particle coarsening is diffusion~con~ 

trolled the average particle diameter increases with the cube root of the aging 

time. In Fig. 7 the mean diameter of the y' precipitate particles is plotted 
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2.8 G. Lmction of agipg time. Each data point represents the mean value of 

=:~~ t~G.~ 200 i~dividual particle size measurements made in dark fielc inages 

~a~en :ro~ the (100) super lattice refelction. In agreement with the Lifshitz-

:,-agner treatment, the particle size is seen to be a nearly linear function of 

the cu~e root of the. aging time. 

To study the changes in precipitation characteristics associated with the 
(,.j,' 

"double-aging" treatment, the size distribution of the y I particles ,,·as deter-

cined after aging at 750°C for 8 hr and again after a second supplementary 

aging at 650°C for 8 hr. The reSUlting histograms are plotted in Fig. 8. The 

particl:e size distribution after isothermal aging is nearly normal (Gaussian) 

a;,ou~ a·mean diameter of 125 A. Even after 8 hrs of supplementary aging at 

ESooe tl::"s primary size distribution ,is not substantially changed. The prin-

cipalobserved difference is ·a dramatic increase in the number of smaller 

° particles having diameters of 60-80A. This result strongly suggests that the 

changes a'ssociated with secondary low-temperature aging occur through the nuclea-

tion and growth of a secondary distribution of very fine precipitate particles 

~hich supplement those formed during the initial aging treatment. The rapid 

increase ,in hardness associated with the low-temperature supplementary aging 

treatment may then be attributed to a simultaneous increase in precipitate, 

volume fraction and decrease in inter-particle spacing. 

c. Optimization of the Solution Annealing Temperature 

'. (31 32) Research on the n1ckel-based alloys' has shown that the responses 

'c: alloys to solution-annealing treatments is most pronounced when these treat-

n:ents are carried out at temperatures above the solvus temperature of the 

~quilibrium phase, ,,'hich is somewhat above the solvus temperature of the meta-

stable precipitates. To determine the effective solvus temperature of the 

e~uilibriUIil phase in the present alloys, samples from as-forged plate were 

s~lu~ion-annealed for one hour at temperatures varied in 50°C increments from 



,.' 

-13-

900° to 11SO°C. The effec,t of these solution-annealing treatments on the 

as-forged structure is shown in Fig. 9. The globular to plate-like n pa~t

icles observed to form along grain bound~ries at 900°C were almost completely 

dissolved at 92SoC and were not present when the solution temperature was 

raised further. On the other hand, the alloy grain size grew rapidly at 

temperatures above the n solvus at approximately 92SoC. 

Tensile tests were then' conducted on specimens solution-,annealed at tem

peratures above 9S0°C, which were then given the standard "double-aging" 

treatment: 72SoC for 8 hr plus 625°C for 16 hr. The results are plotted in 

Fig. 10, in which the measured grain size after each treatment is also shown. 

The optimum solution-annealing temperature was' found to be 1000°C, which pro

duced the best combination of tensile properties, and also caused the least 

grain growth. The alloy yield strength reaches a maximum as a function of 

solution-annealing temperature for an annealing temperature of 1000°C, and 

decreases slightly as the solution-annealing temperature is raised further. 

, The tensile ductility, whether measured by the tensile elongation or the reduc

tion in area, is nearly constant until the solution-annealing temperature 

approaches 1100°C, but drops dramatically as the solution-annealing temperature 

is raised further. 

The decrease in ductility found at solution-annealing temperatures of 1100°C 

or higher is associated with a change in the fracture mode of the alloy from 

ductile rupture to intergranular failure, as revealed in the scanning electron 

fractographs shown in Fig. 11. The intergranular fracture would appear to 

result from chemical changes in the grain boundary during thermal treatments, 

but the exact mechanism is not now known. 

The grain size of the alloy after solution-annealing seems to be fixed by 

the solution-annealing temperature,and established at a rather early stage in 
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-t~~ a~~ea:i~g ?~c~;s~. Prolonged annealing does not provide any obvious growth 

",= U _ _a.a-= as shown in Fig. 12, nor does it cause any e·.·~c:::: change"" 

l:: _,.~ =~:.r.mi~a: ~=c?erties of the alloy. 

T~e E£xi~u= yield strength after solution annealing in these studies is, 

howeY:r, on~y slightly above 170 ksi (1170 MFa), below the 200 ksi (1380 ~jpa) 

targe:: of the prograt:.. 

D. Alloy Processing from the As-forged Condition 

A5 indicated ir.. Fig. 10 specimens aged directly from the as-forged condition 

exhibit a y~e:d strengt~ some 20 ksi (138MPa) above the maximum value obtained 

after sol:.:.t:'on annealing. Since this strength increment is achieved without 

loss cf tansi:e d:lctility, it appeared to offer the possibility of obtaining 

the m:cha::.L:a: properties objective of this research by optimizing the aging 

treat=.er..t. 

The enhanced strength obtained in alloys processed directly frore the as~ 

forgec condition ?resureably results from the retention ~f the defects and fine 

substructt.:re i.ntroduced during hot forging. The structure of the material in 

the as-forged condition is il1us.trated in the transmission electron micrograph 

sho~~ in Fig. 13, ~ni~h reveals a high dislocation density which has been par

tially polygonized into a fine cell structure. Since the age-hardening treat-

ments are carried out at temperatures well below the recrystallization tempe-

rature, which is approximately 900°C, the defect structure should be largely 

retained during the precipitation process. The presence of the forging defects 

is expected to contribute to age-hardenability in three ways: the defects 

shoule en~a~ce the diffussivity of the precipitating solutes, they should pro-

vide a dist~i2ution of preferential nucleation sites for the precipitate phase, 

and they snculd, in t:lr::l, be partially pinned by the precipitates and stabili-

ne~ce giving some.increased hardening due to inter~al 

... 
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defects' iri the final microstructure. 

In the present work research was conducted to optimize the choice of aging 

temperatures using a standard of 4 hr for the aging time at each temperature. 

The 4 hr aging time was chosen to ensure that the total aging time of the 

alloy would not be so long as to be impractical in practice. The alloy was 

ini.tially aged for a variety of temperatures over the range 660°C to 760°. 

The resulting hardnesses, which are plotted in Fig. 14, indicated a maximum 

isothermal hardness on aging at 750°C. Two sets of specimens were subsequently 

given four hour aging treatments at either 730° or 750°C, and were subsequently 

aged for four hours at various temperatures between 580° and 750°C. 'The results 

plotted in Fig. 14, show that hardnesses near RC,49 could be obtained when the 

specimen was initially aged at 750°C and then reaged at a temperature in the 

range 620 to 680°C. ' The flatness of the profile of hardness vs. the secondary 

aging temperature shows that the specific choice of the second aging tempera-

ture within this range is not critical. 

The best tensile properties were obtained when the alloy was initially 

aged at 750°C for-4 hr, water-quenched, and then given a second aging at 670°C 

for 4 hr again followed by quenching. With this process the alloy had a mea-

sured yield strength of 205 ksi (1415 MPa) a total elongation of 19%, and a 

measured reduction in area of 67%. Scanning electron fractographs of broken 

tensile specimens of the alloy in this processing condition revealed a fully 

ductile fracture mode, indicative of alloy toughness. The fracture toughness 

of these alloys at a yield strength of 205 ksi were measured using full-sized 

compa~t specimens and yielded valid KIC values which averaged 112 ksi )~. 

(123 MPa ;;). In this processing condition, the alloy hence appears to meet 

the strength-toughness of the research: a yield strength in excess of 200 ksi 

(1380 MPa) with good residual toughness. 
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E. Stre~gth-Toughness Characteristics 

Bv varying the heat treatment of the alloy it was possible to obtain 

a variety of yield strength levels, which permitted the generation.of strength-

toughness characteristic curves. These curves are plotted in Fig. 15 both 

for the alloy processed from the as-forged (Af) condition and for the ~lloy 

given an intermediate solution anneal (AN). The data point showing a yield' 

strength of 225 ksi (1550 MPa) on the "as-forged" curve was obtained by intro-

ducing additional ~echanical deformation into the alloy by cold work prior to 

aging. The strength-toughness characteristics of the experimental alloys are 

compared to measured data for two commercial superalloys: In.:~onel 718(33), 

a nickel-based superalloy, and A_286(34~ an iron-base superalloy. The results 

presented in this figure show that alloys processed from the as-forged condi-

tion exhibit a consistent yield-~trength increment of about 20 ksi (138 MPa) 

when compared to those processed after an intermediate solution anneal at the 

same level of fracture toughness. In either case" the experimental 

tantalum-modified iron-based superalloys shows strength-toughness characteris-

tics significantly above those of the commercial superalloys. 



'. 

-17-

\'. CONCU'SION 

The prin~ipal conclusion of the present research is that tantalum-modi

:ie~ iron-base superalloys can be successfully processed to exhibit an ex

ceptional combination of strength and toughness. An alloy of nominal cor.:po

sition Fe-36Ni-3Ti-3Ta-0.SAl-1.3Mo-O.3V-0.OlB exhibited a yield strength 

of 205 ksi (1415 MFa) with a plane ,strain fracture toughness of approximately 

110 ksi )'in. (120 MFa TID.) after double aging at 750°C for 4 hr followed by 

aging at 670°C for 4 hr from the as-forged condition. If the alloy is given 

a solution-annealing treatment prior to "double aging", the resulting yield 

strength is approximately 20 ksi (138 MPa) lower for a given value of the 

fracture toughness. 'The strength-toughness characteristics of the alloy 

a~'" nonetheless good as long as the solution-annealing treatment is carried 

o'..:t at a temperature below approximately 1100°C, above which an intergranular 

fracture intrudes. The fact that good properties can be established in this 

al:'oy with reasonable aging times'depends upon the use of "double aging" 

treatments to obtain a beneficial distribution of y' precipitate particles. 

Specific analysis of the "double aging" process suggests that initial aging 

at a higher temperat'ure establishes a dense distribution of y' precipitates, 

and that ,secondary aging at a lower temperature establishes an additional dis

tribution of 'finer precipitates through a secondary precipitation process. 
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TABLE I .. Analyzed Chemical Composition of Heats. 

•. 
Heat 

No. Fe Ni Ti Ta Al Mo V B -- -- -- -- -- -- --
1 bal. 36.8 2.64 2.97 0.44 1. 15 0.28 0.007 

, 

2 bal. 35.8 2 .. 66 2.83 0.45 1.30 0.30 0.005 , 
I 

-.... 
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TABLE II. Selected Heat Treatments ,and Mechanical Properties of the 

Alloy Aged After Solution Treatment for 1 hr at 1000°C. 

Heat 725°Cj16hr + 750°Cj6hr + 
Treatment 725°Cj16 h r 650°Cj16hr 650°Cj8hr, 

I Yi e 1 d Strength, 154 172 180 
ksi (~1Pa) (1063) (1187) (1242) 

Tensile Strength, 208 220 222 
'ks i (t~Pa) ( 1435) (1518) (1532) 

Elongation, % 28 26 22 

Reducti on in Area 64 56 46 
01 
10 

Fracture Toughness, 123 103 -
ks i I\il (MPa 1m) (135 ) ( 113) -

<, 
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FI GURE CAPTIONS 

1.-- Correlation of aged hardness withy - y' misfit of nickel-aluminum

Ternary element a 11 oys 14. 

2. Bright field of as iJlnealed condition. 

3. Is othe rma 1 hardness curves. 

4. Double-aging hardness curves. 

5. Electron diffraction pattern and TEM images of y' precipitates: 

(a) SAD, (001) orientation, (b) BF showing structure contrast 

(c) ,OF from (100) superlattice reflection, (d) BF showing strain 

contras t. 

6. Isothermal growth of spherical y' particles at 725°C: (a) 2 hr, 

(b) 9 hr, (c) -24 hr, (d) 96 hI"; OF from (001) reflection. 

7. Variation of the mean y' particle size with aging _time at 725°C. 

8. Distributions of y' particle size after single and double aging. 

9. Equilibrium phase of solvus determinations for the alloy; (a) as-forged, 

(b) 900°C/l hr, (c) 925°C/l hr, optical micrographs. 

10, Tensi.le properties and grain size of double-aged specimens as a 

function of solution annealing temperature. 

11. Change of fracture modes of double-aged specimens, annealed at (a) 1150°C, 

12. Tensile properties of double-aged specimens as a function of solution 

annealing time at 1000°C, 

13. As-forged microstructure, brig,t field. 

14. Aging response of the alloy in as-forged condition. 

15. Yield strength~f~acture toughness relationship. 

• 
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Figure 2. Bright field of as annealed condition. XBB 791-49 
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Figure 5. Electron diffraction pattern and TEM 
images of y' precipitates: (a) SAD, 
(001) orientation, (b) BF showing 
structure contras4 (c) DF from (100) 
superlattice reflection, (d) BF show
ing strain contrast. 

XBB 796-7735 
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Figure 6. Isothermal growth of spherical y' 
particles at 725°C: (a) 2 hr, 
(b) 9 hr, (c) 24 hr, (d) 96 hr; 
DF from (001) reflection. 

XBB 791-63 
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Figure 9. Equilibrium phase of solvus determi
nations for the alloy; (a) as-forged, 
(b) 900°C/l hr, (c) 925°C/l hr, 
optical micrographs. 

XBB-793-3354 



240 

220 

~ 

I 200 
I--
(9 

z 
w 180 
0:: 
I--
(J) 

160 

140 
60 

-~ 0 -
>- 40 
I--
..J 

I-- 20 u 
:::::> 
0 

0 

200 -::t 
w 150 
N 
(J) 

z 100 
<t 
0:: 
(9 

50 

-32-

INTERGRANULAR 1600 q FRACTURE 
\ 
\ 
\ 
\ IS. , , 

.... 
1400 

Q 
\ &. \ 

\ ~ 
\ -\ 1200 , 

'-

1000 

0-----

At 1000 1100 1200 
ANNEALING TEMPERATURE (OC) 

Figure 10 . Tensile properties and grain size 
of doubl~aged spec imens as a 
function of solution annealing 
temperature. 

XBL 193- 5 933 



) 

-33-

Figure 11. Change of fracture modes of 
double-aged specimens, annealed 
at (a) 1150°C, (b) lOOO°C. 
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Figure 13. As-forged microstructure, bright 
field . 
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