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MATERIALS SCIENCE OF mDERN STEELS 

EarlR. Parker and Victor F. Zackay 

Center for th~ Design of Alloys 

LBL-2286 

Inorganic Materials Research Division, Lawrence Berkeley Labora~ory and 
Department of Materials Science and Engineering, College of Engineering; 

University of California, Berkeley, California 94720 

ABSTRACI' 

The evolution of steelmaking technology is traced from its primitive 

origins nearly four thousand years ago to its present highly sophisticated 

fonns. The emergence of physical metallurgy is shown to be largely 

associated with the burst of activity in the physical sciences in the 

last one hu;ndred years. The suggestion is made that a new era in physical 

metallurgy has now begun, viz, the era of alloy design,. which ischarac

terized by the application of the first principles of materials science to 

the creation of new and superior engineering alloys. It is postulated 

that this new era could not have started without a preceding one in which 

the analytical and experimental tools (pre-requisite for an atomistic 

understanding or solids) were brought to high levels of sophistication. 

The current status of alloy design is represented by several illustrative 

examples taken from current research. The "design" of these alloys is 

shown to consist of a mixture of science, engineering and empiricism. 

The remaining but ever-diminishing component of empiricism is considered 

to be one of the existing challenges in the continuing story of the tech

no logy of steel. 
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MATERIALS SCIENCE OF MODERN STEELS 

Earl R. Parker and Victor F. Zackay 

I NfRODUCf ION 

There is a scientific revolution in progress in one of the oldest 

arts practised by modern man--the making and treating of steel. For 

3000 years, civilized men have mown how to produce steel--an alloy of 

iron and carbon. Steel comprises ninety percent of all of the metallic 

materials in use today. Because of its widespread importance, steel has 

been the subject of intensive investigations over a long period of time, 

first by the early users who needed strong tough steel for weapons, then 

by the entrepreneurs of the last century whose industrial empires de

pended upon steel for rapid growth, and finally in modern times by 

researchers searching for safer materials to meet advanced technological 

requi.remen~. The extensive investigations on the nature of reactions 

that occur in solid steels have yielded botDltiful results. The store

house . of knowledge in this area has increased enonnously in the past 

SENeral decades. This has led many people to believe that continued 

financial support for basic research in this area is not necessary. As 

a consequence, a number of large companies, formerly· major supporters of 

large materials science research groups, have either entirely eliminated 

their efforts in this area, or greatly reduced them. Surprisingly, the 

valuable knowledge accumulated over a quarter of a century has remained 

virtually tUlUSed. In spite of the existence of this knowledge, no new 

steels have appeared on the market. Every steel used today is the product 

of an accidental discovery made 20 to 50 years ago. Only a handful of 
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people realize that the available basic tmderstanding of the complex 

reactions that occur -in solid steels can now be put to use to design new 

alloys having properties -superior 1"0 those of the conunercially a'.rr_ilable 

materials~ 

- The purpose of this paper is'to describe some of the concepts of 

materials science and to show hm.; the use of these concepts can lead to 

the discovery of new alloys. Before entering this discussion, however, 

it will be helpful to obtain a perspective of the historical nature of 

the subject, starting with the remarkable discoveries by ancient civili

zations of how steel could-be made and heat treated to enhance its prop

erties, through the scientific investigations of the first half of this 

century that provided the insight required for tmderstanding the mechan

ical properties of metals, to the remarkable advances of recent times 

~ch have permitted researchers to peer inward to the extent that they 

could actually observe the behavior of individual atoms in metallic 

crystals. 

EARLY HISTORY 

Seven metals were used by ancient civilizations . The first two of 

'these, gold and copper, are fmmd in the metallic state in nature. They 

were used before the year 5000 B.C. Silver, which is also fotmd in small 

quantities in the native state, came into use almost as early as gold and 

copper. However, the amount of silver available at that time was ruch 

less than the amotmts of gold and copper. Lead, the oxide of which is 

easily reduced by charcoal, was first discovered in the ashes of camp 

.' 
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fires and was used prior to 2500 B.C. The oldest known piece of elemen

tary tin capnot be dated earlier than about 1500 B. C., although bronzes, 

whic~ are alloys of copper and tin, were available long before that date. 

Tin is never found in the elementary state but ores consisting of mixtures 

of tin oxide and copper oxide are quite widespread, and alloys produced 

from these mixed ores were the source of the bronzes of ancient people. 

The last of the seven metals used in antiquity were iron and mercury. 

Iron was rather extensively used because of its high strength and desir

able properties, whereas mercury received little attention because of its 

limited utility. 

After about 1200 B.C~, iron-making was conducted on a small scale in 

a 'nUmber of places in Africa, Asia and Europe. Ores suitable for smelting 

appeared as outcrops in many areas. In Syria the production 6f iron be

came a substantial industry before the end of the second millennium B.C. 

In ~ia Minor activity reached its peak about 1800 B.C., and the Persians 

began makirig iron about 1100 ·B.C. By the year 700 B.C., large quantities 

of iron were produced and used for tools and weapons. In one archeologi

cal discovery, 160 tons of iron in the fonn of bars sUi table for forging 

. into weapons, along with iron chain and other i terns, was discovered among 

the remains found in an ancient· storehouse. The method for producing iron 

objects in antiquity differed significantly from the production of objects 

made of the other seven known metals. This was because the melting point 

of iron is very high and it was not possipleto obtain temperatures high 

enough to melt steel until about 1740 A.D. Consequently, the ancient 

smiths were compelled to fashion their products by hammering and welding 
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pieces of iron together' in the solid state.' In order to convert iron to 

steel, it is necessary to introduce small amotmts of carbon. 'The ancient 

people coul? not melt iron and 'co~sequently they had to introduL~ carbon 

into solid' iron.,' This waS probably the first practical, use of a solid 

state diffusion process~ . The method they used to carburize iron was to 

heat the metal for a long time in contact with a carbonacious material 

such as hot Charcoal. Another remarkable 'discovery of the ancients was 

the process of hardening steel by quenching it from a red heat' into water. 

This inventioo, was madearotmd 900 B.C. Hardened steel tools made arotmd 

800 B.C. have been found in both Assyria and Egypt. Beginning about 600 ' 

B.C., iron making was actively pursued in the Noric Alps region; However, 

the art was not practised in other parts of Europe until Roman times, 

except in a small way in local regions. By 400 B.C. the Celts were the 

principal makers of iran and were primarily responsible for the spread of 

iron working before the Roman period. The heat treating of steel was 

practised widely by the Roinaris~ but the control of quality waS relatively 

poor. They had no accurate means for measuring elevated temperatures and 

, it was therefore difficult to control carburization and hardening processes. 

1he Romans also developed to a high degree the art of joining metals. This 

'was necessary because iran, which could only be made in relatively small 

pieces, had to be joined by hammer welding to produce large objects. They , 

also developed solders and brazing compounds for the purpose of joining 

pieces of irari. Little progress was made in metallurgy during the thousand 

yeax period following the Roman, Empire. During the dark ages the uses of 

iron and steel did not change significantly, weapOns remaining the main 

product line. 

1-: 

~,' 



, 
, * 

t; 

-5-

The early ideas about metals and the processes for producing them 

prevailed until about 1700 A.D. It was at this time that a complete revo

lution in the modes of philosophiCd.l and scientific thinking occurred .. 

In the seventeenth century coal replaced charcoal in the smelting of iron. 

This pennitted, along with changes in furnace design, the attainment of 

higher temperatures which in tum permitted iron-carbon alloys to be 

melted and cast irito molds. There is a low melting iron-carbon eutectic 

which contains about 4 pct of carbon. This is much higher than the car

bon content of steels, and the resulting product, called cast iron, is 

brittle. This cast iron was converted into wrought iron by oxidizing the 

carbon to remove it from the metal. The design of furnaces had been im

proved to the extent that in 1700 furnaces could produce 2~ tons of cast 

iron per day. . The gaseous products from coal caused considerable trouble 

:in the making of iron and steel, and by the middle of the 18th century, 

coke began to replace coal as the fuel used in the reduction of iron. 

The rate of metallurgical developments abated after about 1790 and the 

methods of production and fabrication used until about 1850 differed 

little from those employed prior to 1800. 

The need for temperatures high enough to melt steel, above l500o C, 

became apparent in the mid-19th century. This was eventually accomplished 

by preheating the air going into the furnace. The major breakthrough in 

steel production, which introduced the modern technological method for 

producing steel in extremely large quanti ties, was invented by Henry 

Bessemer in 1856. He conceived the idea of blowing air into molten pig 

iran to raise the temperature of the metal to such heights· that the metal 

was completely decarburized and heated to a sufficiently high temperature 
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to produce a very fluid inetal. The result of the Bessemer process was 

that the metal could be cast as steel, and therefore could be forged or 

formed into useful shapes in contrast to cast iron which, because:: of its 

extreme brittleness, could not be deformed after casting. Bessemer's 

first conmerciai furnace waS in operation in 1859. However, the process 

excessively oxidized the metal leading to a steel with high oxygen con

tents. Bessemer overcame the disadvantage by adding manganese which re

ducedtheoxygen content of the steel, thus mctking it more usable. The 

Bessemer process had one serious disadvantage which could not be overcome 

by ~g corrective elements. This was the absorption of nitrogen by 

iron when air was blown through the molten metal. Nitrogen in steel has 

the deleterioUs effect of making steel behave in a brittle manner tmder 

certain conditions . This objectionable effect was quickly discovered. 

Its solution lay in the design of a completely different kind of furnace 

for making st~el, one that was invented by William Siemens in the 1860' s . 

Siemens 'designed what is called an open-hearth furnace in which gas, 

bmned with highly preheated air, is passed from one end to the other of 

''the hearth over a relatively thin, flat layer of molten steel. The open

hearth furnace is still widely used. The advantage of the open-hearth 

method over the ,Bessemer process is that much larger quantities of metal 

can be handled in a single charge and there is little nitrogen absorption 

'by the metal. The open-hearth furnaces grew in size as the years went 

by, Teaching capacities of well over 200 tons of molten steel. The open

hearth furnace was used for making practically all steels tmtil very 

Tecen.t times. The Bessemer process is much fas ter ,and consequently more 

economical to use than the open-hearth method, but its use depended upon 

) 



obtaining nitrogen~free oxygen at a low enough price to make the Bessemer.,. 

type process economically competitive with the openJQearth furnace. Tech

nological improvements in gas sepa~at10n processes finally made this 

possible. . During the last ten years there has been a major trend away 

from the use of open..hearth furnaces back to what is now called the BOF 

process (basic-oxygen-furnace). This modern revision of the Bessemer 

process produces a superior grade of steel at a faster rate than any other 

process availabl~ today. 

The need for steels having properties superior to those containing 

only ir~· and carbon as the maj or elements became evident arOlmd 1900. 

The addition of other elements to steel, such as nickel and chromium, 

began to be explored in the early part of the present century. The next 

section will. deal with the development of alloy steels and the need that 

subsequently arose for an tmderstanding of the nature of the internal struc

ture of the solid steels, and the relation of that structure to the tech

nologically useful properties of the material. 

HIDERN PHYSICAL METALLURGY 

Curiosity' about the internal structtn"e and nature of iron dates back 

many centtn"ies. The fact that iron loses its ferramagnetisrnwhen heated 

red hot was discovered in 1600, and before 1800 the idea that iron exhi

bitedan allotropic transformation was proposed.· By 1873 the evidence for 

the transformation had been experimentally provided by measurements of the 

sudden length change that occurs when the crystal structure changes on 

heating from body centered cubic to face centered cubic at the critical 
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temperature. Simultaneously, the thermoelectromotive force was observed 

to change abruptly. Positive proof of the change in crystal structure 

was~ventually provided by X-ray diffraction evidence, but not t.mtil 

after the tti~ of the century . 

.. Quantitative measurements of the mechanical properties of metals 

received increasing attention near the end of the nineteenth century. 

Earlier landmarks in the history of quantitative mechanics of materials 

were the discovery 6f the linear elastic behavior of metals by Hooke in 

1660, and the fonnulation of the general equations of elasticity by . 

Navier in 1821. . However, the nature of· the variations in internal struc-

ture that were responsible for differences in the mechanical properties 

of a given steel remained obscure until recent times. 

The study of the internal structure of metals and alloys, called 

metallography was an outgrowth of the work of mineralogists and crystal

lographers in the early nineteenth century. The crystals in metals , 

however, ~ are t.mlike most of those in minerals in that they are generally 

much. too small to be observed by eye. Consequently, it was not until 

methods for microscopic examination were devised that it became possible 

to study in detail the internal changes in steels produced by alloying, 

heat treating, and defoming mechanically. Henry C. Sorby of Sheffield, 

who f01mded the science of petrography in 1849, was the first to publish 

, major papers on the metallography of steel (1886 and 1887) ~,2 Using 

magnifications up to 650 times, Sorby identified crystals of iron inter

mixed with a ''pearly constituent" (now called pearlite) consisting of .' 

alternate plates of iron and an extremely hard iron-carbon compound (now· 
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known to be Fe3C). He also observed that steel hardened by quenching 

from a high temperature did not contain carbide particles, but that 

reheating to an intennediate teniperHture caused carbide particles to 

fonn in the steel. In his second paper, Sorby reported the Occurrence 

of recrystallization, the process whereby new small crystals in defonned 

metai fom when the metal is heated. He connnented. lucidly about the state 

of "tDlStable equilibrium" produced by mechanical de£ormation. Sorby also 

discovered that steel can fracture through the crystals or along the bot.md

aries between them; the microscopic details of fracture processes have 

never been clearly t.mderstood and are nowt.mder intensive investigation 

with new tools. The scanning electron microscope, a relatively recent 

innovation, is able to magnify. surfaces 10,000 t:iJnes or more so that the 

appearance of a broken piece of metal can be examined in great detail. 

Additional information about the micromechanics of fracture is provided 

bY transmission electron microscopy, which can resolve elements of micro

structure that are an order of magnitude smaller than those revealed by a 

scanning electron microscope. The heretofore obscure , but often large, 

effects of trace elements, and of minor differences in heat treating 

practices, are taking on new meanings because of the advent of these new 

tools of research. 

·nm PHASE RULE 

The ttnn of the century' marked the beginning of a new era in phYSi

cal metallurgy. A series of important concepts and discoveries provided 

the foundation for the field of material science. One of the first, and 

~t important, of these -concepts was the phase rule, which Willard Gibbs 

,. 
\ 
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described in his famoUs paper published iri the obscure j ouma1 of the 

Corinecticut Academy in 1876 3. HoWever, the value of the phase rule was 

not widelyrecogIiized tmtil about 19004 , 5 . Roozeboom6 applied the phase 
. . - . 

rule of Gibbs to the study of steel, and published a classic metallurgical 
" " 

paper in 1900 which contained the iron-carbon equilibrium diagram. The 

phase rule p~ovided a guidi~g principle which simplified experiments, pro

vided a sotmd means. for interpreting observations, and logically excluded 

an almost infinite mnnber of possible explanations for the nrult:itudinous, 

confusing observations that had resulted from microscopic examinations of 

steel spe(:irnens. Roozeboom7 also made" another valuable contribution to 

metallurgy. From thermodynamic "considerations, he was able to show all 

of the general shapes of phase diagrams that binary a~loys could be ex

pected to exhibit, thus providing a sotmd basis for the classification of 

alloy systems. 

DIFfUSION IN SOLIDS 

I 

Many of the reactions that take place in solid. metals involve. the 

process of diffusion. Early in the century it became obvious that solid 
, 

state diffusion must be studied if reactions in solids were to be tmder-

stood. 'J:'his field of study became very active in the 1920 's. Research 

_ ()ll se1f .. diffusion was conducted by- von Hevesy8, who used radioactive 

isotopes as tracers. Methods-were developed for measuring the diffusion 

ooefficient,D, and Stefan9 provided solutions to Fick's10 law of diffu~ 

sion (which had been derived by analogy from Fourier's law of heat flow). 

The mathematical solutions and experimental methods were applied by 

... I~ 

,. . 
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Grubell , who showed that D varies with concentration. This led Matano12 
" . 

to apply Boltzmann I s solution to the case of varying D. 

The diffusion coefficient also varies with temperature. In 1920 

von Hevesy13 "suggested that D varies exponentially with temperature, and 

in 1923, Dushmanand Langmuirl4 showed that the temperature dependence 

was due'to an activation energy process. Their equation, D=D e -flH/RI', 
o 

fonnalized the relationship between Dand T (in this equation, Do is a 

constant, .ill is the activation enthalpy, R is the ideal gas constant, and 

T is the temperature in OK). 

CRYSI'AL IMPERFECTIONS - VACANCIES AND DISIDCATIONS 

Although 'the .f~ct that atoms do move about in solids was established 

early in the century, the mechanism of the diffusion process was not 

clearly mderstood mtil about 1950. The general concept of crystalline 

solids' was, and to a great extent still is, that atoms vibrate thennally 

about fixed lattice sites. In fact, however, 'atoms are able to move from 

one lattice site to another at temperatures above about half of the melt

ing point (in oK). Several mechanisms of atom motion are possible. Atoms 

may interchange positions by the simultaneous motion of two, three; or 

four atoms moving in ring-like faslP-on. Detailed calculations have been 

made of these interchange processes, and although such motions are theo

retically possible, the activation energies required for cooperative pro

cesses of this kind are much greater than experimental values of activa

tion energy. Similarly, interstitial diffusion of atoms involves high 

energies, except for atoms much smaller than those that occupy lattice 

sites (e.g. carbon diffuses interstitially in iron). 



When the asswnptionwas made that crystals have vacant lattice sites, 

or vacancies, calculations of atom~vacancy interchange' energies were fOlmd 

to bt:: ,more consistent with meaSUred energies. Many experiments have been 

made during the past several decades which show clearly thatthevacancy-

atom interchange' process is the dominant mode of diffusion in metallic 

crystals. 

In regard to the origin of vacant sites, the theory of vacancy 

generation is' basedon'thennodynamit considerations. When an atom moves 

from the interior ofa crystal to a position on the surface, its energy 

is increased. The number of bonds between atoms on the surface of a 

crystal is about half of themunber' for atoms in the interior. In face 

centered cubic crystals', for example, the number of bonds would thus 

decrease from 12 to 6. Since the energy of chemical bonds is of the 

order of 1/2 eV per bond (approximately 11,500 calories per mole), this 

simple estimate indicates that vacancy formation should require energy of 

the order of 3 eV.· This, estimate is high, however, because the atoms 

adjacent to a yacancy are displaced inward toward the center of the vacan

cy. This reduces the energy of ~e system by about 1 eV. 

Atoms do not actually have to move out onto an exterior surface in 

order for vacancies to be generated. Vacancies can form spontaneously 

in a perfect lattice when local thermal fluctuations exceed the vacancy 

formation energy, E. The relative probability of an atom having an 
" ' v -yu 

energy" Ev " greater than the ground state is e, . The chance that an 

atom site, will be vacant varies in the same way. In a crystal containing 
.E/RT 

N atom sites~ the number, nv ' of vacant sites is given by Ily = Ne . 

" 



-13-

Experiments have clearly shown that the number of vacant sites does vary 

in the exponential manner indicated by this equation. 

The activation energy for diffusion in metals involves two tenns, 

the one just described for.vacancy generation, and a second exponential 

tenn containing the activation energy, E , for the movement of a neighm 

boring atom into the vacant site. The sum of the two energies is the 

measured activation energy for diffusion, Ed" 

. There is a second type of crystal defect that plays a major role in 

controlling the properties of metals and alloys. It is called a disloca-

tian~ wh~ch is a linear discontinuity in the regular structure of a 

lattice. In its simplest fonn, a dislocation is the edge of an incomplete 

plane of atoms.· Such defects can be generated by vacancies collecting to

gether and replacing a sheet of atoms. Dislocations can also be fonned by 

imperfect additions of atom planes to crystals that are growing during 

sOlidification. ~1echanica1 deforination which produces a pennanent change 

in shape . of a pieCe of metal also generates dislocations within metal 

crystals. The number· of mechanically produced· defects may be very large, 

reach.mg 1012, per sq~re centimeter in severely defonned metals. The 

nature of this defect and its effect on the geometry of a lattice is 

illustrated in Fig. 1, which is a sketch of an edge dislocation. A 

second type of dislocation is sketched in Fig. 2, which shows how a 

defect can be·· introduced by shearing a crystal part way across. This 

type of defect· is called a screw dislocation. Both types are conmonly 

found in metals (by new teclmiques described in a subsequent section). 

The presence of dislocations in a crystal produces very high stresses 
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near the defects. Above the lower edge of the incomplete plane of atoms 

in Fig. 1, .the atoms are closer together than their equilibritnn distances, 

and ~ horizontal compression stress exists. Below the edge, the atoms 

are too far apart and the state of stress is tension. Also, high shear 

stresses are present on the horizontal planes perpendicular to theincom-

pleteplane of atoms. . A significant characteristic of ?oth edge and 

Screw dislocations is that when an external load is applied to a piece of 

metal, the stresses due to the load add to the stresses due to the 

presence of the dislocation. The forces between atoms become unbalanced, 

and the dislocation moves to a neighboring position, as shown in Fig. 3. 

With continued application of the external force, some dislocations move 

through crystals to external surfaces, producing. "slip" offsets, as shown 

in Fig. 4~ Other dislocations move shorter distances within crystals, 

eventually being stopped when they encounter boundaries between crystals 

in polycrystalline metals, or when they nm into other dislocations that 

lie on intersecting crystallographic planes.· 

Metal crystals are inherently weak because dislocations can move 

·e~ily through crystals under the action of relatively lc;>W externally 

applied loads •. The way that metals are made. strong is to block the 

motion of dislocations by introducing barriers to their motion, sumas . ~ 

grain boundaries, other dislocations, or particles ofa compound, such as 

Fe3C in steel. Such compotmds are, with few exceptions, strong and 

brittle. Dislocations cannot move through them, and unless the particles 

of the compound are very small and· far apart, dislocations cannot move 

around them. The theory of dislocations is well advancedl5 , 16 and it is· 
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possible to predict yield strength (the stress required to cause easily 
, , 

rneasurableamounts of permanent deformation, e.g. 0.2 pct) from a know-

ledge tif the size and spacing of particles of the compound. Pha<;e dia

grams can be used to select alloys that will contain the desired quantity 

of acompolIDd, and heattreatrnents can be selected that will provide the 

proper size and spacing of particles. Thus it is now possible to design 

alloys that will have prescribed yield strengths . Particle spacing, 
• 

which is diffusion controlled, is only one of several importaI1t, param

eters that affect the mechanical properties of alloys. The others will 

be considered in later sections. 

The history of dislocation theory is interesting because disloca-

tions were conceived to explain the observed rnechariical'behavior of metals 

in 1934. Their existence was not experimentally verified by direct ob

servation lIDtil 1955, when they were' first seen by means of transmission 

electron microscopy. In the 1920' s calculations were made of the theo

retical yield strengths, of pure metal crystals. Plastic flow involves the 

sliding of close packed planes of atoms over one another. The shear stress, 

T y' required to cause all atoms in a plane to move simultaneously is 

approximately equal to one-tenth of the shear modulus of elasticity, G. 

The shear modulus of iron is 11 x 106 pOlIDds per square inch (psi), so 

the shear stress required to start permanent deformation should be about 

106 psi. The measured yield strengths were actually less than 100 psi. 

In view of the large discrepency, Taylor17 and Orowan18 independently 

arrived at the conclusion that the low strength of real crystals was 

caused by some type of crystal imperfection. The type that met the 
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mathematical requirements was the edge dislocation. 
. . . 19 . 

Burgers ,in 1939, 

showed that the screw dislocation also satisfied the conditions leading 

. to pl~stic flow at low stresses. TIle theory of dIslocations was looked 

upon with skepticism for about 15 years, then more sophisticated analyses 

were gradually developed and confidence in the theory'becamemore wide-
.. , . 

spread.' By the early 1950's the theory was generally accepted, but direct 

and conviricing proof of its validity was still laCking. In 1952 , bound ~ 

aries between two slightly mis-oriented crystals were observed to move 

~th stress20.These boundaries were made up of arrays of parallel edge 

dislocations, all lying in the boundary. This was the first observation 

of groups of dislocations moving in stressed crystals. By 1955, trans

mission electroll microscopy had advanced to the stage where images of 

single dislocations could be seen and photographed2l in motion in metal 

crystals. Transmission' microscopy had opened a new era of research in 

materials science. The behavior of dislocations was' found to be nruch more 

complicated than the simple theoretical pictures indicated. They were 

observed to be. curved, tangled, and to interact with each other in complex 

ways. An accurate l.D1derstanding of the properties of dislocations and how 

they react with each other, with the bOl.D1daries between crystals, and with 

precipi tated particles of metallic compol.D1ds, ~vol ved during the decade 

following the first observations. Progress has been so great that it is 

Jlow possible to use dislocation theory' for the quantitative design of new 

alloys ~ This theoretical area has nearly reached maturity, but other 

critical areas remain in primitive stages of development. Amongthose 

~ring additional attention are non-equilibrium chemical reactions that 
, 

.occur :in solids 1 particularly in steels. 

"', 
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SOLID STATE a-IEMICAL REACfIONS 

The equilibrium decomposition products of the high temperature solid 

solution phas~ of steel should be pure body centered cubic iron and 

graphite. These products are'never actually fotmd in steel. Instead of 

graphite, Fe3C fonnswhen the steel ,is slowly cooled, and when steel is 

quenched rapidly to room temperature, a single body centered tetragonal 

phase forms. The latter phase is called martensite. , It is a highly 

supersaturated solution of carbon in body centered cubic iron and it is 

nearly as brittle as glass..Wlien martensite is reheated to about ZOO°C, 

~rban precipitates out of the iron, but not as graphite or Fe3C. A com

pound called epsilon carbide, with the fornrula FeZC, fonns. This phase 

has a hexagonal crystal structure and is semi coherent with the iron lat

tice (Le., atoms on some planes of the two phases match geometric arrange

ments so that no definite boundary is formed). When quenched steel is 

heated above ZOOoC, epsilon carbide redissolves and the orthorhombic Fe3C 

phase appears. The epsilon carbide forms as tiny plates, observable only 

~ an electron microscope. The Pe3C particles that appear after higher 

temperature heating first appear as small sheets, but soon assume approx-

imately spherical shapes, as shoWn in P'ig. 5. The higher the reheat tem

perattn'e, the larger the carbide particles become and the fewer· of them 

there are. Being farther apart, they interfere less with the motion of 

dislocations. Therefore, the room temperature yield strength decreases 

with increasing reheat temperature, as shown in Pig~ 6. 

When steel is slowly cooled from a high temperature (e.g., 900°C), 

Pe3C and body centered cubic iron form by an eutectoid reaction. In this 
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case, the Fe3C is in the shape of plates, as shown in Fig. 7. The shape 

of the FejC pa.rticleshas a profotmd effect on the mechanical properties 

of steel, with the ductility 'being liiUCh less when Fe3C is present as 

plates instead of spheres. This is illustrated by the res ill ts of tests 

in which two cylindrical bars of steel containing b. 3 pct C are broken 

bya tensile 10ad~ When such bars are pulled apart, they increase in 

length and reduce in diameter. In an actual test, the cross·· sectional 

area of a bar with spherical carbide particles was reduced by 70 pct 
/, 

before the bar broke. The same steel, heat treated to cause Fe3C to 

fom as, plates, only reduced 35 pct in area. Both bars had the same 

yield sttength, namely 60 ,000 psi, but their fracture strengths, as well 

as theiT ductilities, differed greatly. This example is' cited to illus

trate the importance of controlling the'morphologies of the microconstit

uents 6f steels. In addition to the shape of carbide particles, there 

are other important microstructural' features that must be controlled in 

order to endow steels Wi th optinn..nn properties for specific applications. 

ISO'IHERMAL DECQ\1POSITION OF AUSTENITE 

At temperatures above about 900°C, steels exist as a single phase, 

'. a solid solution of carbon in face centered cubic crystals of iron. 

, This phase is calledaustertite. As mentioned earlier, when a, steel is 

cooled slowly, a plate-like eutectoid structure, called pearlite forms, 

and when a steel is quenched rapidly to room temperature, a metastable 

body centered tetragonal phase, highly supersaturated with carbon, is 

produced. The latter phase is, called martenSite. Pearlite and marten-



site have been known' to exist for a long time. However, early investiga

tors fbtmd'that in many alloy steels (Le., steels containing other 

alloying elements in addition to carbon), microstructures not fornld in 

carbon steels frequently appeared~' Even with carbon steels, mysterious 

events sometimes occurred. In quenched steels, pearlite would sometimes 

be'present, but; at other times it would not, even when the heat treating 

procedures remained constant. To detennine the reasons for v~riations in 

microstructural appearance, Bain22 ,23 and his coworkers perfonned experi-

rnents in 1929 in which' austenite was made to decompose isothermally in

stead of during continuous cooling ... They quenched small pieces directly 

into molten lead baths held at fixed temperatures below the equilibrium 

~ransformation temperature. Two methods were used to monitor the changes 

~.tha,t occurred. in the internal structure. One method involved continuous 
I 

length change measurements (approximately 1 pct increase occurs when the 

crystal structure transforms from face centered to body centered cubic). 

The second procedure was to observe differences in micros tructures of 

pieces that were removed from the lead bath at various time intervals and 

quenched in cold water. The fraction of the volume that had not trans~ 
f 

fonned in the lead bath was converted to martensite during the quench. 

In the portion that had transfonned carbides were precipitated. The 
./ 

areas containing carbide particles appeared dark when viewed tmder a 

microscope, in contrast to areas of martensite which were much lighter in 

appearance. .' 

The austenite decomposition rate varied substantially with the hold-· 

ing temperature, as shown in Fig. 8. At the higher temperatures; pearlite 
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fonned. At low temperatures . and on rapid cooling, austenite was 

fOlDldio trarisfonn instantaneously to martensite. In the intennediate 

temperature range, a new microstructure formed. This structure was dark 

iii . appearance and resembled martensite that had been reheated toa low 

temperature (where carbides 'precipitated as small particles). However, 

recent transwission electron microscopy studies have shawn that the new 

structure and reheated martensite differed in detail; and alSo that not 

one, but two, distinctly different structures form in; the intennediate 

'temperature range. These two microstructures have been named upper and 

lower bainite, in honor of their discoverer Bain. 

It had been recognized fora decade before Bain's work that the 

addition of alloying elements , such as chromium, molybdenum, and nickel, 

increased the "hardenability" of steels--that is the ability of steel to 

barden to a: greater depth than plain carbon steel when quenched from the 

austenite state. The effect of such additions is shown in Fig. 9 for a 

steel containing 0.40 pct C, 1.75 pet Nit 0.80 pct Cr, and 0.25 pct Mo 

(AlSI 4340 steel) •. Comparisons of Figs. 8 and 9, show that the pearlite 
. . . 

Teaction can start in as short a time as 1 sec in the 0.80 pct C steel, 

whereas the same reaction in theAISI 4340 alloy. steel does not begin 
.I . 

. before about 150 sec. SimilarlY', the bainite reaction, which takes place 

.. jn the temperature range 540°. to 260~C, starts in 1 sec at 540°C and in 

about 200 sec at 260°C in the 0.80 pct C steel. The behavior of the 

alloy steel is much different in ~e bainite range. The reaction is very 

slow, starting after 20,000 sec at 540°C and in 10 sec at 260°C. 
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The time-temperature-transforrnation curves shown in Figs. 8 and 9 

are called TIT diagrams. During the 20 years following Bain's pioneering 

'Work, a great deal of effort was devoted to evaluating the effe-:ts of 

alloying elements on the decomposition kinetics of austenite and the 

morphologies of the decomposition products. Many TIT diagrams were pub

lished, but no basic laws of behavior were ever resolved; TIT diagrams 

have remained empirical in nature; it is still not possible to predict 

the shape of a TIl diagram of a steel' containing several alloying ele-

. ments selected at random. By 1950 interest in attempts to rationalize 

the alloying e~fects had diminished to a negligible level. Practically 

no new TIT diagrams ha.ve appeared in the literature since then. One of 

the reasons for the decrease in interest was that accurate diagrams had 

been experimentally determined for all the important alloy steels. 

Another was the time consuming nature of such determinations. About one 

month of concentrated work was required to produce a single diagram, and 

it s,eemedto most researchers that their efforts could be better devoted 

to work on more urgent problems. Thus there remains today the challenge 

to solve the solid state chemistry problem of discovering the basic laws 

that govern the decomposition kinetics of austenite in alloy steels. A 

concerted effort on this problem is now'" tmderway in the Center for the 

Design of Alloys in the Inorganic Materials Research Division of the 

Lawrence Berkeley Laboratory at the University of California. The num

ber of possible combinations of useful alloying elements (e.g., Cr, Ni, 

M>, Mn, 5i, Co, V, Ti, W, Nb, Cu and others), in varymg concentrations, 

is extremely large. The only possible hope of obtaining sufficient 
" 
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quantitative data about the synergistic effects of the alloying elements 
. . . . 

is to devise a rapid method 'for measuring 'their effects on austenite 

decompusition kinetics in the bainite temperature range (which has been 

established as the range most important in determining mechanical proper

ties). It has been fOlmd'that magnetic susceptibility, monitored contin

uously,can be used to measure the amount of the ferromagnetic body 

centered cubic phase of iron as it forms from the face centered cubic 

austenite. With this method, the important part of a 1TI diagram can now 

be establish~d in a single day. Furthennore, the magnetic method is so 

sensitive that it has been possible to establish that upper bainite and 

lower bainite reactions follow two independent C-shaped curves, as shown 

in Fig. IO~ New research in this old field is turning out to be unusual

ly rewarding. It is leading to discoveries that we believe will make 

possible the design of a new group of high strength alloys--steels that 

will have considerably greater fracture toughness (i.e., the resistance 

to fracture when sharp cracks are present) than· the ones now in use. 

TRANSMISSl(N ELECfROO MICROSCDPY 

Quantitative evaluations of the factors that control the kinetics of 

decomposition of austenite rrrust be evaluated' before new steels can be 

-discovered or designed, but 1TI' diagrams provide only part of the required. 

infonnatian. The shapes and distributions of the phases resulting from 

'. ~the decomposition of austenite vary over a wide range. Carbide~ vary in 

. shape fram finely divided particles that are uniformly distributed in 

body centered cubic iron, to thin filmS surrotn1ding crystals free from 
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carbides. The ductility of steel is highly sensitive to microstructural 

variations. When carbide films are present, the steel may be almost as 

bri ttle as glass. By contrast, wh~n the carbide particles are sYlIall,. 

separate,and uniformly distributed, the steel will tear apart slowly 

when loaded to failure. The nature of a microstructure cannot be pre

dicted from a cooling curVe· and a TIT diagram. Consequently, the micro

structure of every new alloy must be determined by a microscopic examin

ation after each variation in heat treating procedure. The best method 

for producing a microstructure that will resist brittle fracture is not 

yet predictable from principles of materials science, but progress is 

being made tpward a solution of this problem. 

There are several microstructural features that are known to meet 

the theoretical requirements (based on dislocation mechanics) for high 

strength combined with good toughness. One of these requirements is that 

the mean free path for dislocation motion nrust be small, preferably nruch 

lessthBn a micron. Dislocations on slip planes pile up at barriers, 

each addmg to the stress concentration at the barrier. The number of 

dislocations on a single slip plane varies as the square root of the 

distance between barriers. The local stress at the front of a pile-up is 

equal to the number of dislocations times the average stress produced by 

the externally applied load. When the local stress at the head of the 

pile-up reaches the cohesive strength of the crystal, a micro crack forms. 

These microcracks grow and eventually jom, causing general rupturing. of 

the material. One way to increase the strength and toughness sinrulta'" 

neously is to make the grain size very small. Grain bOlmdaries act as 
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barriers·to dislocations, and small grains reduce the dislocation mean 

free path, enhancirlg both strength and toughness. 1m example of how' 

gra'i..'1 size control can be used to produce a potentially useful alloy is 

given in the following section. 

DESIGN OF A CRYOGENIC ALLOY HAVING HIm TOUGHNESS 

Metals or alloys with the body centered cubic structure can fail 

either by shear,' as in face centered cubic metals, or by cleavage. It 

is now well established that the propensity of body centered cubic metals 

to fail by cleavage is influenced by a host· of compositional and struc

tural factors. Some of the compositional and microstructural features 

that are desirable in a body centered cubic cryogenic alloy are: (1) the 

lowest possible level of interstitials in solid solution (interstitials 

raise the critical resolved shear stress of body centered cubic metals to 

the cleavage stress as the temperature is lowered), (2) the maxinn.un 

amoUnts of either nickel or manganese in sol:td solution corranensurate with 

other metallurgical considerations, and (3) the finest possible grain 

size. This listing of desirable features is, o,f course, not complete -and 

is intended only as a guide for the selection of an alloy system for 

study.' Iron-rich alloys in the Fe-Ni-Ti system meet !he requirements 

cited above. The titanium and nickel contents in these alloys can be 

varied to meet, the requirements (1) and (2) above: Fine grain sizes can 

be .obtained by thennal or thennal-mechanical means. In the study dis

cussed below, the requirements (1) and (2) were met by the alloys Fe-12 

pct Ni-:-O.SpctTiand Fe-12 pct Ni-O.2Spct Ti~ . After initial processing 

*A11 chemical compositions are in wt pct except where otheIWise indicated. 
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and fonning into desired shape, the alloys were solution annealed for 

2 hr, air cooled to room temperature, then reheated to a designated tem-

perature between 650°C and 800°C, and ice brme quenched. 

The results of gram size and impact studies are shown graphically 

in Fig. 11. There was not'a simple relationship between the phase dia.,. 

graniand the heat treatments required for gram refmement. Current 

studies suggest that the refmement is produced by an mcrease m the 

nucleation rate of the prior austenite (y) grams above the two phase 

(a+y) region. Apparently the residual defect structure remammg from 

the duplex (a+y) microstructure provides the additional nuclei. The tem

peratures for effective grain refinement were between about 675°C and 

775°C, as can be seen in Fig. ll(a) • 

. The -196°C Charpy V-notch impact energies of both alloys reheated 

for 2 hr at temperatures indicated are shown in Fig. 11 (b) • The impact 

, energies were uniformly high for'reheating temperatures between 675°C and 

775°C, and 'low for temperatures on either side of this range. It was 

noted that fine grain size and high impact energies were both obtained 

f<;>r the same, reheat temperatures. Correlations such as these were not 

possible for room temperature tests because of the limited capacity of 

the testing machine (225 ft Ibs). .. 
Macrographs of the broken Charpy' V"'notch bars, optical photomicro

graphs of the microstructure showing the grain size, and scanning elec

tron micrographs. of the fracture surface of the Fe-12Ni-O.STi alioy are 

shown in Fig;. 12 for several reheat temperatures. It is readily apparent 

that there was a correlation between the grain size and the macro .. and 
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mcro-fracture appearance. Specimens having a fine grain size showed 

gross amotmts of plasticity on the fracture surfaces of the broken Olarpy 

bars. Their fracture surfaces at high magnification exhibited Jirnpled 

rupture that is characteristic of shear (high energy) failure. On the 

other hand, specimens having a <large grain size showed little plasticity 

on the fracture surface of· the Olarpy bars and their fracture surfaces 

at high magnificatl.on were characterized by flat facets. indicative of 

cleavage (low energy) failure . 

. The effect of the tinie of reheat on toughness is shown in Fig. 13 

for temperatures between 650°C and 800°C. The energy absorbed at -196°C 

waS clearly a: function of both temperature· and time. The grain size in 

microns is shown in parentheses on the curves in Fig. 13. At the reheat 

temperature of 6S0°Cjtheenergy absorbed did not appreciably vary from 

its initiar low value for'times up to 30 hr. At the highest reheat tem

perature of 800°C the energy absorbed reached a low peak inahout 1/2 hr 

an<:i then decreased with time to a·relatively low value. At intennediate 

temperatures, viz, 70QoC and 7SQoC, the impact energy rose rapidly as a 

function of time to high values and did not change for times up to 6 hr. 

As shown in Fig. 13 there was a corresponding reduction in grain size 

with time for specimens treated in the intennediate temperature region. 

This time-temperature-grain size relationship was especially evident for 

those specimens reheated at 700°C. 

The "l96°C impact touglmess and yield strength of the Fe-12Ni-0.STi 

alloy are compared in Fig. 1"4 with those reported in the literature for· 

two conunonly used commercial cryogenic steels25 . The superior combination 

. I 
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of strength and touglmess of the new alloy is clearly evident. The 

Charpy V-notch impact properties at liquid helium temperatures were in 

excess of 100 ft Ibs. 

Some typical tensile results are shown in Table 1 for test tempera

tures of 23°C and -:196°C. The tensile properties were quite insensitive 

to the reheat temperature. It is apparent that those microstructural 

features whiCh influence the impact toughness did not appreciably affect 

. the tensile properties; In tests at near liquid helium temperatures 

( .. 266°C) higher yield and tensile strengths were observed with no appre

ciable decrease in ductility. The ·tensile properties of the Fe-12Ni-0.2STi 

~110y were similar to those of the Fe-12Ni-0.STi alloy, although the 

strength was somewhat lower (about 5 pct) at all test temperatures. (For 

additional details see references 26-31). 

TABLE 1. Tensile Properties of the Fe-12Ni-0.STi Alloy 

2 Hour Reheat at· 750°C 2 ·Hour·Reheat at 850°C 

Test *Yield Ultimate Elong. , Red .. *Yield Ultimate Elong. , Red. 
Temp. , Strength, Tensile pct in Strength Tensile pct in 

°C ksi. Strength, Area, ksi Strength Area, 
ksi pct ksi pct 

.. 

23 90~3 98.6 21 84 90.8 98.3 21 86 

-196 139.5 153.0 18 75 140.0 150.5 21 74 

*0, 2 pct offset 

DESIGN OFA NEW AILOY IDR ELEVATED TEMPERATURE SERVICE 

At ambient and cryogenic temperatures, most metallic materials exhi-
, 

bit a plastic strain only when subjected to a stress higher than the yield 
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strength, and then the strain does not vary wi'th time. However, at ele

vated temperatures, metals and alloys experience a time dependent plastic· 

deformation process at stresses below the yield strength. Such Cl· process 

leads to adjustments intheintemal structure of a: deformed metal causing 

an increase' in strain as a flIDct:i.on of time at a constant load and tem-

perature. Time dependent deformation of this nature,known as creep, adds 

a new .dimension to the mechanical behavior of alloys at elevated tempera

tures. Design of alloys· for elevated temperature applications is complex 

because of the need to design for creep resistance. 

Most commercial creep resistant materials derive their strength from 

a fine dispersiOn of a second' phase which hinders the movement of dislo

cations. In~. creep resistant· ferritic steels ,·the fine dispersion almost 

.invariably consists of· carbides, whereas in high nickel content super

alloys, the· dispersed phase may bean intermetallic compOlmd such as 

Ni3CAl, Til. The particle size; morphology, distribution and volume frac

'tion of the second phase, the degree of its coherency with the matrix, 

and the mechanical properties of the matrix all affect the creep resist

ance of dispersion strengthened alloys. The thermal stability of the 

second phase particles is also an important factor~2 

The morphology and composition of carbide particles tend to change 
.'~ 

slowly at elevated temperatures and this often results in an increase in 

creep rate. An example of such an effect is the loss in creep strength 

of O.IC-I.OCr~O.S Me steel after long time exposure at service because 

of the fonnation of an M6C type ofcarbide~3 where M is a combination of 

metal atoms .. 
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The concept of using intennetallic compounds, rather than carbides, 

for increasing the high temperature strength of alloys is decades old, 

but ~rogress toward a realization uf this concept has been slow. The 

effects of intennetallic compounds such as the sigma phase and Ni3(Al,Ti) 

have been investigated by Mihalisin, et al34 and Decker~5 Mihalisin et 

al34 found that the prese~ce of sigma lowered both stress-rupture and 

room temperature strengths. 35 • Decker ,also summarized the status of know-

ledge about the effects of the Laves phase (an intennetallic compound 

which requires a specific atomic size ratio between its components) par

ticles on strength. He concluded that in general, when the Laves phase 

is present in significant amounts it " .... can degrade room temperature 

ductility with little effect on creep properties". The- results from the 

present investigation showed, however, that with microstructural control, 

satisfactory val~es of room temperature strength and ductility, as well 

as good stress-rupture life, can be attained in very low carbon alloys 

strengthened with the Laves phase FeZTa. 

~~entlY it was demonstrated by Jones , et a136 that in body centered 

cubic Fe-Ta alloys, the brittleness, which was due to the presence of a 

con tinuous grain, boundary network, of the Laves phase FeZ Ta, could be 
, ' , 

,'overcome bya simple heat treatment' which spheroidized the precipitate. 

Spheroidization of the Laves phase'resulted in considerable enhancement 

of room temperature ductility and elevated temperature strength of Fe-Ta 

alloys. Two major limitations of Fe-Ta alloys with respect to their 

possible practical utilization for elevated temperature service were: 

(1) the high a ~ y and y ~ 0 phase transformation temperatures that 
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necessitated high temperature heat treatments, and (2) inadequate oxida

tion resistanc:e~ An. examination of the binary Fe-Cr phase diagram37 

ind~cated that increasing chromiL~ additions to iron continuously lower 

the y ~ 6 phase transformation temperatures. The a ~ y transformation 

temperature, On the other hand, is lowered bychromitun additions of up 

to 7 pct, but is raised by further additions of chromitun. Itseemed 

reasonable to expect that qualitatively, a similar. trend would be ob

served on addition of chromitun to Fe-Ta alloys. Also, it is well known 

that improvements in oxidation resistance are. not obtained in ferritic 

alloys until about 7 pct chromium is present~8,39 The above considera

tion led to the development of a ternary Fe-l at pct Ta-7 at pct Cr alloy 

(hereafter referred to as alloy Ta7Cr). 

The Fe-rich portion of the equilibritun phase diagram40 of the Fe-Ta 

system is shown in Fig.' 15. There are three solid solution regions, 

a (bee),y, (fcc) and 0 (bee) ~ The intennetallic compotmd, FeZTa, isa 

Laves phase, and it has a hexagonal structure. The 6 phase decomposes 

by a euteetoid reaction at lZ39°C in accordance with: 
, 

o (1.1 at pet Ta) ~ y (0.5 at pet Ta) + FeZTa 

The y phase reacts with FeZTa in a periteetoid reaction at 97ZoC to pro

duce the a solid solution: 

y (0.3 at pet Ta) + FeZTa ~ a (0.6 at pct Ta). 

Olromium additions change the compositions and te~ratures of these 

transformatians!las shown in Table Z. The a ~ y and y ~ 6 transfonna

tiontemperatures listed in Table Z were obtained by dilatometry, and 
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the (y,+ 6) ~ 6 and (Fe2Ta + 6) ~ 0 temperatures were determined by 

metallography. 

TABLE 2. Phase Transformation Temperatures for Fe-Ta-Cr Alloys 

t Phase Transformations 
and Temperatures (OC) 

Alloy Composition 
a ~ y y ~. 0 y + 0 ~ 0 or 

. Fe2Ta + 6 + 0 

\ ' 

Fe-l at pct Ta 974 1238 1340 

Fe-I at ,pct Ta-3 at pct Cr 890 1230 1300 

Fe-l at pct Ta-5 at pct Cr 880 1210 1280 

Fe-l at pet Ta-7 at pct Cr 870 1160 1250 

the structure of the alloy Ta7Cr in the solution treated (for 1 hr 

at l320°C) and water quenched condition was characterized by large 

grains (approximately 1 mm in average diameter) of the retained 0 phase, 

. and by an almost continuous grain boundary network of precipitate. . When 

the alloy was aged at 700oC~ additional precipitate formed within the 

grains, but there was no noticeable change in the grain boundary network. 

Microhardness measurements on samples aged for several time intervals at 

700°C showed that the hardness first increased with increasing aging time, 

reached a maxinrum after 40 minutes of aging, and then decreased. The 

microstruCture of the alloy in the peak hardness condition is shown in 

.Pig.16(a). When the aged alloy was heated to 1l00oC, the matrix trans

fonned to the face ~entered cubic solid solution, and the grain boundary 

precipitate spheroidized. On cooling from the y phase field, the matrix 

again transformed .to body centered cubic a~ with a consequent refinement 

in grain size. The'structure after this treatment consisted of spheroid-
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izedprecipitate particles in a matrix of a which was characterized by 

irregular grain boundaries, as shown in Fig. 16 (b) • In Fig. 17 is shown 

a transmission electron micrograph of a carbon extraction replir:~lShow

mg a tmiformdistribution of almost spherical particles" of the Laves 

phase in the spheroidized alloy~Z 

The tensile properties of the Ta7Cr alloy, after aging at 700°C for 

40 minutes were characterized by yield and ultimate tensile strengths 

-which decreased very gradually with increase in test temperature up to 

about 600°C; at this temperature the O.Z pet offset yield strength, (Le., 
" . 

the stress to cause a permanent deformation of O~Z pct) was about 70 pct 

of the room temperature value. The room temperature fracture was brittle 

as mdicated by the scanning electron fractograph shown in Fig. l8(a). 

1he roam temperature fracture behavior was changed from brittle to ductile 

by the spheroidizing heat treatment that followed aging. The fracture 

surface. of the tensile specimen tested at room temperature after spheroid

izmg at 1100°C for 10 minutes is shown in Fig. 18 (b) '. In this figure, 

"there' is evidence' of a significant amount of plastic deformation, as 

mdicated by a dimpled appearance. Fracture occurred by void nucleation 

and growth at the interfaces between FeZ Ta particles and the matrix. The 

yield strength, tensile strength, and fracture elongation are plotted as 

a-flmetion of the test temperature in Fig. 19 for the alloy in spheroid

ized condition. The .~esu1ts were sbiri.lar to those of the alloy in the 

aged condition except that all the mechanical properties were increased 

jn the spheroidized alloy. The improvements were attributed to the com

bined effe~ts of spheroidization of the grain boundary precipitate,' 

reduction in grain size, and an increase in dislocation density. 
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Short time tensile properties do not provide adequate infonnation 

about high temperature strength, and so stress-rupture tests were made 

on the Ta7Ct alloy. The temperatures selected for evaluation were 1000°F 

(538°C) and 11000P (593°C). Stress vs time to rupture data for 11000P 

(593°C) are plotted in Fig. 20. Also shown in the figure are the stress

rupture properties reported in the literature for 0.3C-I Cr-lMb-0.2SV 

steel, 0.15C-9Cr-lMo steel, Greek Ascoloy and 403, 410 and 422 stainless 

steels~3 At 1100°F (593°C), the Ta7Cr alloy results were above those 

reported for the 0.lSC-9Cr-lMb'steel, and 403 and 410 stainless steels, 

but below those for the Greek Ascoloy, 422 stainless steel and the 

0.3C-lCr-lMb-0.2SV steel. 

The strengthening effect of molybdenum in solid solution in ferrite 

is well known 44-46 so 0.5 at pct of molybdenum was added to the Ta7Cr 

alloy, and the alloy Ta7CrMo was developed. The expected strengthening 

was found when stress-rupture tests were perfonned at 1100°F (593°C) on 

the Ta7CrMo alloy. The results are shown in Fig. 20. Additional detail-

d . ~ . tho d' d ·1 wh 42,47-49 e lnJ.onnat10n on 1S stu y 1S reporte e se ere. 

DESl(N OF STRCNG, TOUGf STEELS FOR USE AT AMBIENT TEMPERATIJRES 

The resistance to sudden and catastrophic failure is one of the most 

important design requirements of engineering structures. Until the ad

vent of modem fracture mechanics, there was no known quantitative way to 

associate the microstructure of an alloy with its tendency to fail ca~a

strophically. Earlier tests, such as the Charpy, .do not provide quanti

tative design data. The pioneering work of Irwin, et al in the late 

fifties has resulted in a totally new approach to the problems of fracture 
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of complex engineering structures. As is now well known,the intrinsic 

fracture toughness of certain alloys can be quantitatively evaluated in 

terL.::; of a stress intensity factor, K, with KC being the stress intensity 

required for the catastrophic propagation of a crack in a sheet of mater

ial subjected to plane stress, and K1C being the parameter for the plane 

strain state. Of particular interest to the materials scientist is the 

observation that both KC and K1C are highly dependent on internal struc

ture. The development of a quantitative approach to fracture has pro

vided a vital link between materials science and materials engineering. 

The materials scientist can hence use his knowledge of defect structure 

and microstructure to produce alloys with enhanced resistance to frac-

ture. The mathematical formalism of modem fracture mechanics has also 

been applied to the problem of fracture by fatigue, but the quantitative 

correlation between fatigue failure and microstructure is not as well 

mderstood, as is catastrophic fracture. 

The evolution of atmified theory of fracture mechanics and the 

development of reliable test methods for obtaining an accurate value for 

the plane strain fracture toughness (Krc) have provided the metallurgist 

with a quantitative method for evaluating the effects of microstructural 

details on the tendency of an alloy to fracture in a brittle manner. 

Studies of the relationship between the' microstructure and the fracture 

toughness of Ultra hig~ strength steels have been especially rewarding. 

For example, the deleterious effects of sulfur and other trace impurities 

have been quantitatively determined~O,51 Also, the relative merits of 

steels with .bainitic, martensitic, or tempered martensitic microstruc-
. . ," .. 

tures have been well documented with respect to their strength and 
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52-54 fracture toughness. Steels are. often rated according to their rela-

tive positions on master plots of plane strain fracture toughness vs 

• 1.l t thSS y1e .... ·.L s reng . . 

The asstunption is generally made that the high hardenability of com

mercial quenched and tempered steels leads to uniform microstructures 

throughout the thickness of fracture toughness specimens, because the 

hardness is nearly constant throughout the thickness. Elementary consi-

derations of micromechanics of fracture lead to the conclusion that the 

fracture toughness of ultra high strength steels should be highly depend-

ent on relatively small amounts of embri ttling microconstituents, whereas 

such microconstituents have little effect on the hardness. The detec-

tion of minor amounts of austenite decomposition products by either opti-

calor electron microscopic techniques is deceptive in its apparent sim

plicity. The detection by optical microscopy, for example, of small 

amounts (of the order of 1 pct) of upper bainite in a 5/8 inch thick 

specimen consisting largely of lower bainite or autotempered martensite 

demands the utmost care and patience in all stages of specimen prepara

tion. It is now established that high resolution electron microscopy is 

needed to distinguish between lower bainite and autotempered martensite. 

Unfortunately, the advantages of electron microscopy are offset by the 

disadvantage that large areas cannot be scanned readily. A combination 

of metallographic techniques is generally the most effective way to study 

the structures of heat treated steels. When metallographic techniques 

reveal the presence of embrittling structures in conventionally heat 

treated steels, alternate heat treatments should be devised to either 
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eliminate, or at least minimize, such structures. 

Recent studies on a secondary hardening 5Mo-0.3C steel have sug-

gested one way in which improvements in microstructural unifonni~y can be 

ach1" e"ed5. 6-58 I " ft· t hn f th 50 t v ncreases 1ll rac ure oug ess 0 ~ore an pc were 

obtained in' as quenched specimens by the use of high austenftizing tem-

peratures. In this case, the improvement was attributed to the reduction 

of undissolved alloy carbides. In the present investigation several com

mercial steels were heat treated at different austenitizing and tempering 

temperatures and their strength and fracture toughness determined. The 

Tesults obtained are reported herein. 

The compositions and properties of the steels used in the present 

investigation are shown in Table 3. Specimens for optical and electron 

microscopy were taken from the fracture toughness specimens which had 

been designed and tested in accordance with AS1M recorronended practices~9 

Sufficient sampling was done to ensure that representative microstruc

fures were obtained. 

The effect of austenitizing temperature on the fracture toughness 

of as quenched specimens of the 5 Mb-0.3 C steel is shown in Fig. 21. 

The abrupt increase in fracture toughness at a critical austenitizing 

temperature was associated with an increase in grain size (AS1M 7-8 to 1); 

- the grain size change was concomitant with complete solution of the alloy . 

carbides. 

Several different microstructural features were responsible for the 

lower fracture toughnesses of the three steels when they were austeni

tized at the conventionally used temperature (870°C). The optical micro

graphs of AISI 4130 steel, oil quenched from 870°C, clearly showed grains 
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TABLE 3. Austeni tizmg and Tempermg Temperatures, Fracture Toughness and 
Yield Strength of 5 Mb-0.3C, AISI 4130 and AISI 4340 Steels 

Steel Ailstenitizing Quenching Tempering Yield -
(Composition Temperature, °C Medium - Temperature, °C Strength 

inwt pct) (0.2 pct offset) 
ksi 

SMQ-0.60Mn-0.30C 870 Iced Brine As Quenched 194 
(Laboratory heat) 1200 Iced Brine As Quenched 214 

1200 Iced Brine 150 210 
1200 Iced Brine 225 196 

AISI -4130 870 Oil As Quenched 201 
(0.30C-0.8SCr- 1200-+870** Oil As Quenched 210 
0.46Mn-0.20Mo) _ 1200 Iced Brine As Quenched 214 
(Commercial steel) 1200 Iced Brine 200 210 

AISI 4340 870 Oil As Quenched 231 
(0. 40C-0. nCr 1200-+870** Oil As Quenched __ 231 
1. 73Ni-0. 80Mn- 870 Oil 200 235 
0.24Mo) 1200-+870** Oil 200 230 
(Commercial steel) _ -

*~, rather than KIC ' values. 

Fracture 
Touglmess, 
ksi-in1/ 2 

52 
100 
104* 
109* 

57 
73 

100 
no 

35 
63 
62 
75 

**Specimens cooled slowly from l2000 C to 870°C before quenching to maintain quenching conditions 
identical with 870°C austenitized specimens. 

) 

~ 
-....J 

I 
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of ferrite and many regions of upper baini te ~O The remainder of the 

structure waS identified by transmission electron microscopy as being 

loWer bainite and autotempered martensite. When the austenite grain size 

was increased by first heatirig the steel to 1200 0 C (then fU11lacecooled 

to 870°C before oil quenching), there were no ferrite grains visible in 

the optical micrograph, and the amOlmt of upper bainite was substantially 

lower than that formed during the direct quench from 870°C. The fracture 

toughness was increased about 30 pctby the l200°C treatment~8 

Free ferrite grains and ferrite plates in upper bainite are regions 

that are mechanically weak. They can fail readily by either plastic flow 

or by -cleavage, and thus they tend to initiatenricrocracks at relatively 

low levels of plastic strain. This results in low values of fracture 

toughness, even when dimpled· nIpture occurs, as scanning electron micro

scopy· revealed was the case for this· steel. In additi.onal experiments, 

fracture toughness specimens were quenched into iced brine directly from 

l200oC. The tooling rate in this case was fast enough to suppress the 

formation of upper bainite, although small amounts of ab~initic product 

were visible in isolated regions in optical micrographs. The remainder 

of the microstructure appeared to be autotempered martens i te . Specimens 

given the iced brine quench had exceptionally high fracture toughness 

. _ (100 ksi .. in. l / 2): 

Another microstructural feature that can have a marked influence on 

fracture tOug}mess is retained austenite. The presence of austenite 

films has been observed by other investigators, and there has been some 

speculation about its influence on toughness~1-63 However, in martensi

tic steels it is generally assumed that no retained austenite exists if 



-39-

no evidence for fcc reflections can be obtained by x-ray diffraction. 

Since standard x-ray methods have a resolution limit of approximately 1 

pct, and since the morphologiCal distribution of austenite needs to be 

characterized it is necessary to utilize transmission electron microscopy 

and diffraction. Proof of the existence of very thin films (approximately 

200 .it thick) of austenite' at martensite lath bm.mdaries was first obtained 

in studies of Fe-Cr-Csteels~4 In the case of AISI 4340 steel, the pre

sence of retained austenite in oil quenched specimens with the larger 

austenite grains appeared to markedly enhance the fracture toughness~8 

Optical micrographs did not reveal the structural nature of this steel in 

any of the conditions investigated. Transmission electron microscopy and 

diffraction showed that the structure was primarily autotempered marten

site with smallammmts of lower bainite and. untempered martensite for 

both the 870°C, and the 1200° to 870°C austenitizing conditions. The only 

significant'difference observable in the two steels was that austenite 

films, 100 to 200 A thick, surrounded a majority of the martensite laths 

in the specimens that had been heated to 1200oC, as can be seen in the 

dark field electron micrograph of Fig. 22, whereas there was only a trace 

of retained austenite visible in the specimens heated to 870°C. Addition

al diffraction and dark field microscopy showed that the retained austen

ite did not transform when specimens were cooled to liquid nitrogen tem

perature. 

Austenite is not sensitive to high local stress concentrations and 

does not fail by cleavage, as does ferrite. Consequently, it seemed 

reasonable to conclude that in this case, the presence of another phase, 

properly dispersed, can actually enhance the fracture toughness. 
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As is predictabie from basic' principles of materials science, low 

fracture toughness' ofa quenChed and tempered steel is associated with 

the presence of certain types of microstructural features. Sul f;.de inclu-

sions act as microcrack nuclei and therefore induce macrofracture at 

relatively low strains in fracture toughness specimens.. Similarly, car

bide particles undissolved during austenitizing lower toughness. Free 

ferrite, whether present as separate grains or as platelets' in upper 

bainite in ultra high strength steels, lowers fracture toughness by a 

substantial amount. 

Autoternpered martensite (with no interlathcarbides) formed during 

the quenching operation is tough. Lower bainite, and tempered martensite 

free from lath boundary films of carbides, are also tough and fracture 

resistant microstruC:turalconstituents. The presence of retained austen:-

ite films around autotempered laths of martensite adds substantially to 

the inherent toughness of the autotempered martensitic structure. The 

substructure of martensite itself is also important, e.g. transformation 
. . . . . 52 

twinning in carbon steels lowers touglmess. 

F.igure 23 stmllllarizes the results of tests on steels that had been 

given the 1200°C austenitizing treatment. The fracture toughness ,KIC 
. is plotted against the yield strength. In this figure there are two bands 

which show the ranges of yield strength and fracture toughness values 

reported in the literature for commercial AISI 4340. steel and the 18 Ni 

maraging alloy. The maraging steels are usually considered to have the 

highest value of plane strain fracture toughness obtainable at a given 

yield strength. The circles are test points for steels given special heat 

treatments described herein. The toughness values have been moved out of 

.. 

.' 
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the lower and . into the' upper band. Furthennore , there are theoretical' 

reasons to believe that fracture touglmesseswell above the maraging 

steel band can be obtained with quenched and tempered steels thrcugh 

modifications of chemical composition and thennal treatments. 

Figure "24 shows the approximate range of results obtained with TRIP 

steels65-68 and how the fratturetouglmess values compare with those of 

quenched and tempered, and maragingsteels. The TRIP steels are meta

stable austenitic ultra high strength steels that transfonn martensitic

ally when plastically deformed. These steels contain 0.3 pct carbon or 

more, and the strain-induced martensite fonnation provides an additional 

strengthening mechanism. A volwne increase of approximately 3 pct (cor

responding to a linear change of 1 pct) is associated with the austenite 

tomartensitetransfonnation.The transfonnationstrains augment the 

ductility and add to the fracture touglmess. The volumetric expansion 

tends to reduce the three dimensional tensile stresses' that are developed 

during plastic straining near the apex of a notch. This changes the 

stress state toward a condition which favors a more ductile perfonnance 

of a fracture toughness specimen. 

At least in theory, steels with lower alloy content than TRIP steels, 

but with some TRIP characteristics, can be designed. The fracture tough

ness values for such steels should fall in the region between the maraging 
., 

and the TRIP steel bands. (For additional details see references 56·58, 

60,'69 and, '7!).) 
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SlJ.MA,Ry 

The story of steel is inextricably entwined with the story of man '7" 

kind. Whether it be peace or War; iron and 5 teel have played a vi tal 

p'art in the evolution of sotiety as we mow it today. Progress in steel 

teclmo10gyoften coincided with the rise and fall of empires. Thepast 

tWocenttn'ies have brought with 'them evolutionary and, at times, revolu-

tionary changes in steelma.~ing. 

The . first '. sighificant advances in the' tmderstanding, of the structure 

of solid metals, and their a1loys,i.e. physical metallurgy, came late in 

the hiStory of metals and was largely associated with the burst of act

ivity in the physical sciences during the last' one hundred years. This 

period is now ending with the advent of a new era-.'.an e~aWhich might 

appropriately be called "the era of alloy design" , viz, the application 

of the first principles of materials science to the creation of new and 

superior. engineering alloys. The era of alloy design was logically pre

ceded by one in which the analytical and experimental tools, necessary 

for an atomistic tmderstanding of solids, were developed and brought to 

high levels of sophistication. 

'!he current state of development of alloy design, as seen from an ' 

'academieviewpoint, is described with the aid of four illustrative 
"'" . . . 

examples taken from ,current student thesisi'esearch. These examples are: 

(1) a bee Fe alloy having tmusual toughness at temperatures of liquid 

nitrogen and below; (2) a series of medium alloy steels whose strength 

and toughness are equivalent to those of the high alloy maraging steels; 
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(3) the design of a bcc Fe alloy for elevated temperature service which 

utilizes intermetallic compounds rather than alloy carbides for disper

sio~ hardenulg. 

The "design" of the three alloys mentioned above was based on a mix

ture of basic science , engineering and empiricism. The significant frac

tion of empiricism remaining in current alloy design constitutes a for

midable challenge to those who desire a completely rigorous approach to 

the creaction of technologically useful materials. Judging from the past 

course of metals history, this challenge will be met. 
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FIGURE CAPTIONS 

Fig. 1 Three-dimensional sketch illustrating the nature of the crystal 

defect called an edge dislocat:lon. 

Fig. 2 Photograph of a screw dislocation model. The model has been 

sheared on one side of the defect, but not on the other. There 

are n() missing atoms in this type of dislocation. 

Fig. 3 Sketch of an edge dislocation showing that atoms move distances 

1:hat are smaller than the atom spacing as the defect is moved a 

Campletespacing. The open circles show atom positions before 

'the dislocation has moved, and the filled circles are the posi

tio:ps after movement. 

Fig. 4 . Photograph of a zinc single crystal that has been plastically 

defqrmed by a load applied along its cylindrical axis. Plastic 

flow occurred by movement of dislocations along randomly spaced 

planes/ of atoms,producing slip offsets. 

Fig. 5 Photomicrograph of quenched steel that has been reheated. The 

carbide particles are nearly spherical in shape. 

Fig. 6. Graph showing how the room temperature yield strength of a 

quenched steel becomes lower as the reheating .temperature is 

increased ~ 

Fig .. 7 Photomicrograph showing the plate .. like st_ructure of Fe3G that 

forms in slowly cooled steel. 

Fig. 8 Diagram for a O.8pct steel showing time required for austenite 

.. 'to transfonn isothermally when quenched from the stable austenite 

range to lower temperatures (adapted from ref. 24). 
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Fig. 9 Diagram for an alloy steel, AISI 4340 (containing 1. 75 pct Ni, 

0.80 pct Cr, 0 .. 25pct Mo, 0.40 pct C), showing time required for 

austenite to transform isothermally when quenched from the stable 

austenite range· to'lower temperatures .. (adapted from ref. 24). 

Fig. 10 Diagram for AISI 4340 steel determined by the more sensitive 

magnetic method, which is capable of resolving the short 'time 

portionc; of the overlapping upper bainite and l~wer bainite 

curves.· . 

Fig. 11 The effect of reheat temperature on (a) the grain size of the 

Fe-12Nl-0~5Tialloy,and (b) the Charpy V-notch impact energy 

at -196°C for the Fe-12Ni-O .. 5Ti and Fe-12Ni-0.25Ti alloys. The 

time at reheat temperature was 2 hr in each case. 

Fig. 12 Macrographs ofbrokenCharpy bars, optical micrographs of micro

structure, and scanning electron' fractographs of Charpy bars of 

the ~e-12-Ni-O.5Ti alloy reheated for 2 hr at :the indicated 

temperatures, tested at -196°C. 

Fig. 13 The effect of time of, reheat at indicated temperatures on the 

.. Olarpy V,..notch impact energy at -196°C for the Fe-12Ni-O.5Ti 

alloy. The. grain size in microns is shown in parentheses on 

the curves.· 

Fig. 14 A comparative plot of the yield st~ength and Charpy V-notch 

impact touglmess, both measured at -196°C, for two commercial 

cryogenlc steels24 and the Fe-12Ni-O.5Ti alloy. 
. . . . 

Fig. 15 Iron-rich portion of the equilibrium phase diagram of the Fe-Ta 

system. ' 

" 
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Fig. 16. Optical micrographs showing the .microstructure of alloy Ta7Cr, 

{a} aged at 700°C for 40 min, arid (b) aged at 7(}0°C, and 

spheroidized at llOOoC for 10 min. 

Fig. 17 Transmission electron micrograph of a carbon replica showing the 

Laves phase particles extracted from alloy Ta7Cr spheroidized 

atl100°C for 10 min. 

Fig. 18 Scanning electron fractographs of alloy Ta7Cr tested in tensile 

tests at 22°C following Ca) aging at 700°C for 40 min, and (b) 

aging at 700°C, andspheroidizing at 1100°C for 10 min. 

Fig~ 19 Effect of tes.t temperature on the short time yield strength , 

ultimate tensile strength, and fracture elongation -of 

spheroidized alloy Ta7Cr. 

Fig. 20 Stress vs rupture time at 1100°F (593°C) for alloys Ta7Cr and 

Ta7CtMo. Also shown are the results reported in the literature54 

for 0.3C-lCr-lMo-0.25V steel, 0.15C-9Cr-lMo steel, Greek Ascoloy, 

and the AISI types 403, 410 and 422 stainless steels . 

Fig. 21 Influence of austenitizing temperature on the room temperature 

plane strain fracture toughness, . KIC ' of as quenched 5MO-O. 3C 

steel~ 

Fig. 22 Transmission ~lectron micrographs of AISI 4340 steel heated to 

12000 C before oil quenching~ Cal bright field image, (b) dark 

field image, showing reversal of contrast at austenite films 

between martensite laths. 
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Fig. 23 Plots of fracture toughness, Krc ' vs yield strength. The two 

shaded bands represent the range of values found in the 

literature for AISr 4340 and maragingsteels. The circles are 

data points from the present investigation. 

Fig. 24 Plots of fracture tougJmess vs yield strength. Bands for 

commercial steels (Krc) and metastable austenitic TRIP steels 

(KC) • 

.~ 
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XBB 7310-6254 

Fig. 4 
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XBB 713-919 (A only) 
Fig. 5 
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Fig. 7 

XBB 6910-6358 
CD only) 
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This report was prepared as an accoun t of work sponsored by the 
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any of their contractors, subcontractors, or their employees, makes 
any warranty, express or implied, or assumes any legal liability or 
responsibility for the accuracy, completeness or usefulness of any 
information, apparatus, product or process disclosed, or represents 
that its use would not infringe privately owned rights. 
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