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Abstract

First-principles exploration of Si alloy electrodes

by

Eric Sivonxay

Doctor of Philosophy in Materials Science and Engineering

University of California, Berkeley

Professor Kristin A. Persson, Chair

Li-ion batteries are the most promising secondary battery to meet the demand of electric
vehicles and intermittent renewable energy sources. However, improvements to capacity and
performance are necessary. As graphite-based negative electrodes are nearing theoretical
capacity limits, alternative anode technologies are being explored to increase energy density.
Materials that allow for Li alloying are of considerable interest due to the formation of
high Li concentration alloys. Furthermore, additives to Si are a powerful tool to tailor the
electrochemical performance of Si. This dissertation explores the use of Si, the alloying type
electrode with the highest theoretical capacity, and Si-derived alloy materials as high capacity
anodes. We probe the Si-alloy systems using computational methods, including i) simulation
of short-range order using ab-initio molecular dynamics, ii) evaluating thermodynamics using
electronic structure calculations, and iii) assessing diffusion kinetics using AIMD. From phase
diagrams, derived from the first-principles calculations, additive elements are classified as
inactive and active elements based on the element’s reactivity with Li, where active elements
form stable binary compounds with Li while inactive elements do not. In general, binary
Si-X compounds, formed with the active elements are not thermodynamically stable and
will phase separate into distinct Si and X phases. Alloyed components are capable of tuning
the equilibrium lithiation potential with a range of 0 V-3.0 V dependent on the alloying
element and mole fraction. Phase separation of the inactive Si-X binary compounds is not
expected but, the incorporation of inactive elements leads to dramatically lower capacity due
to the combined effects of decreased active material and formation of X rich Si-X compounds
which are electrochemically inactive. While there is no limit to alloying with active elements,
alloys with greater than 33 % inactive element yield extremely low capacity. Alloying of a
third element is found to dramatically modulate the Li diffusivity through the modification
of melting temperature. In the case of Oxygen, decreased Li-diffusivity is seen, while Sn
increases Li self-diffusion rates. The methods and analysis utilized to predict electrochemical
characteristics may be generalized for more alloyed components (ternary, quaternary, etc.)
to rapidly screen the chemical space for Si-based alloy electrodes.
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Chapter 1

Introduction

Renewable and clean energy sources such as wind and solar power are a key tool in reducing
carbon footprint and ultimately in slowing climate change. However, these energy sources
are inherently variable with intermittent power delivery, making the challenge of balancing
the fluctuations in load and demand more difficult. Many solutions have been proposed,
although none individually resolve load imbalance. One of the most promising strategies is
energy storage to accumulate energy when power generation is high and demand is low and
releasing energy when demand is high. Methods of grid scale energy storage include pumped
hydroelectric, flywheels, and batteries. While batteries may not be the most cost effective,
depending on the use case, the proliferation of electric vehicles(EVs) and other portable
consumer electronic devices has dramatically decreased production costs. Additionally, the
widespread adoption of electric vehicles presents an additional avenue to realizing grid scale
electric storage, where integrating EVs into vehicle-to-grid infrastructure would allow for
distributed load-balancing. While EVs have experienced a boom in popularity, their market
share is insufficient to realize vehicle-to-grid storage and significant barriers still hinder its
acceptance. While car manufacturers have boosted EV range to be comparable to gasoline
powered cars, an outstanding challenge is recharging. Unlike gasoline-powered cars, which
can be refueled in minutes, EVs require charging times ranging from 30 minutes to a few
hours. Vehicle-to-grid systems further stress battery packs and threaten battery lifespan and
longgevity. Therefore, to accelerate the deployment of EVs and use of batteries in grid scale
storage, the energy density and rate capability must be significantly improved. To this end,
tremendous effort has been placed into the research of high-capacity, high-rate secondary
batteries.

In recent years, there has been a surge of investments into these secondary battery re-
search from private investors and government organizations, such as the Vehicles Technology
Office (VTO) within the DOE Office of Energy Efficiency & Renewable Energy. The VTO
has set a goal to reduce the cost of vehicle batteries to less than $100/kWh—ultimately
$80/kWh, increase the range of electric vehicles to 300 miles, and decrease charge time to 15
minutes or less. While many secondary battery technologies exist, a solution that leverages
the existing global infrastructure and supply chain is ideal, as new battery chemistries would
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face significant hurdles to implementation and scale-up. Highly commoditized, and possess-
ing high energy density, Li-ion batteries are the primary choice for use in electric vehicles.
Research to develop drop-in solutions to improve the performance of the individual Li-ion
battery components is, therefore, a focus of many researchers. Such novel approaches include
using high voltage cathode materials, solid-state electrolytes, or alternative anode materials
- this dissertation focuses on the latter, particularly on alloying-type electrodes. While alloy-
ing anodes promise a significant increase in capacity, they face many challenges associated
with a rapid capacity fade that prevent commercialization. Research into the stabilization
of these batteries has yielded moderate success; however, progress has been limited due to
the trial and error approach used. In this dissertation, high-throughput first-principles cal-
culations are used to investigate a vast chemical space of alloy electrodes, thereby guiding
experimental efforts by identifying design criteria and heuristics of alloy electrodes.

In Chapter 1, an introduction to Alloy-based negative electrodes for Li-ion batteries is
provided. Chapter 2 discusses the computational methods for evaluating the thermodynam-
ics and kinetics of these alloy electrodes. In Chapter 3, a computational benchmark of the
Si and SiO2 system is presented. Chapter 4 focuses on the impacts of alloying Sn with Si
on Li diffusion and structural evolution. Chapter 5 details the high-throughput screening of
lithiation thermodynamics in binary Si alloy systems. Finally, in Chapter 6, conclusions and
possible future work are discussed.

1.1 Lithium-Ion Batteries

Rechargable Li-ion battery cells are composed 6 main components - a cathode, an anode,
two current collectors, electrolyte and a separator. Typical Li-ion batteries utilize graphite
anodes and lithium cobalt oxide (Li(1-x)CoO2) cathodes with Cu and Al as the anode and
cathode current collectors, respectively. The separator provides mechanical stability and
short-circuit protection between the cathode and anode if dendrites from. The electrolyte
is an electronically insulating and Li-ion conductive medium that prevents charge transfer
and facilitates diffusion of ions between the two electrodes. On the other hand, the current
collectors must be electronically conductive while impermeable to the flow of Li-ions. The
coupled redox reactions at both electrodes provide a chemical potential difference between
the two electrodes and when electrons are allowed to flow between the two current collectors,
electrical energy is delivered by the system. This process is known as discharge, correspond-
ing to Li oxidation at the anode and Li reduction at the cathode, with Li diffusing through
the electrolyte from the anode to cathode. In charging, a potential is applied across the
two current collectors, and the flow of electrons and Li-ions is reversed, replenishing the Li
supply in the anode.
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1.2 Electrode Materials

Graphite Intercalation Electrodes

Traditional high-capacity Li-ion batteries utilize intercalation-type electrodes for Li storage
in both the anode and cathode. The intercalation process reversibly stores Li ions in the
lattice of layered materials. The host material in these electrodes does not experience signifi-
cant structural changes upon Li insertion or removal. Without changes to the host structure,
Li storage in these materials is generally limited to a few Li per formula unit. Consequently,
these electrodes present low volumetric expansion when cycling, leading to good mechani-
cal stability. Additionally, intercalation electrodes typically have relatively high Li diffusion
rates, thanks to low barrier diffusion pathways from site to site.

The current state-of-the-art anode is graphite, composed of graphene sheets bonded by
weak Van der Waals bonds. Full Li intercalation into graphite results corresponds with 1 Li
atom per 6 carbon atoms, with a specific capacity of 372 mAhg−1 and volumetric capacity
of 850 AhL−1.[1, 2, 3] At this stage, the interlayer spacing is increased by ∼ 10.4 % to
accommodate Li insertion. Additionally, the formation of weak Li-C bonds screens C-C
vdW interactions resulting in a shift from AB hexagonal stacking to AA stacking. Li is
extracted from the lattice during battery discharge, returning the host structure to its initial
configuration. The redox reaction describing the Li storage in graphite is as follows:

C6 + xLi+ + xe− ←−→ LixC6 (1.1)

Owing to the weak bonds formed, high Li-diffusivities are found, with chemical diffusivities
on the order of ∼ 1× 10−7 cm2 s−1 - 1× 10−8 cm2 s−1.[1, 4] Another advantage of graphite
electrodes is a low operational potential range, of 0.25 - 0.01 V vs. Li/Li+, compared to
alternative anode materials. However, this potential is lower than the reduction potentials
( 0.8 V vs. Li/Li+) of the carbonate electrolytes used, resulting in the decomposition of
electrolyte at the graphite interface. Early electrolytes used did not passivate the surface,
resulting in continuous electrolyte decomposition. In the case of propylene carbonate, co-
intercalation of the solvation shell was found, exfoliating the graphite layers. However, the
decomposition products of ethylene carbonate (EC) form a solid layer, composed of both
organic and inorganic components, which is electronically insulating to prevent further elec-
trolyte decomposition and Li-ion conductive while inhibiting solvent co-intercalation. The
stabilization of the solid electrolyte interface was a key discovery leading to the successful
commercialization of graphite anodes in Li-ion batteries is the successful discovery of an elec-
trolyte formulation that forms a suitable solid electrolyte interphase (SEI). While graphite
anodes currently power most consumer secondary Li-ion batteries, the room for improvement
is capped.[5] Alternative Li storage mechanisms must be leveraged to realize a substantial
improvement in capacity.
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Alloying Electrodes

One route to improve anode capacity is using alloying-type electrode, such as Si, or a
graphite/alloy composite electrode. Li storage in these materials occurs through an alloy-
ing mechanism, wherein lithiation occurs through the electrochemical formation of lithium
alloys. These Li-active materials are capable of high capacities due to the formation of
compounds with greater stoichiometric ratios of Li atoms to host atoms than intercalation
electrodes. Integration of Li atoms into the host material is coupled to volumetric expan-
sion proportional to the quantity of Li alloyed. With their high Li-storage capacity, alloy
electrodes exhibit colossal expansion, leading to electrode instability due to high internal
stresses and mechanical pulverization. Additionally, these materials possess much lower Li
diffusivities than intercalation-type materials, leading to low rate capability and large over-
potentials. Most elements in the periodic table have been explored as alloy anode materials
for Li-ion batteries, although Si is the alloying element with the highest specific and volu-
metric capacity. The high abundance and high annual global production of Si also lend to
its suitability.[6]

Theoretically, Si can alloy with up to 4.2 Li to form Li21Si5, although this phase is only
found when cycling at elevated temperatures. At room temperature Li15Si4 is the high-
est lithiation stage seen. Si presents nearly a ten-fold increase in specific energy capacity
(3579 mAhg−1) and about three times increase in volumetric capacity (2194 AhL−1) com-
pared to graphite. While the capacity of Si anodes is superior to graphite anodes, the elec-
trode suffers from mechanical and chemical instability stemming from significant volumetric
expansion. These challenges include:

• Volume expansion upon lithiation results in particle cracking, exposure of fresh Si
surfaces to the electrolyte, and further electrolyte decomposition. In alloy electrodes,

each Li alloyed contributes 14.8 Å
3

Li−1 per formula unit; thus, volumetric expansion
in alloying electrodes is unavoidable, but engineered solutions have successfully mit-
igated volume-related losses.[7] The most common strategy employed to reduce the
effects of volume expansion is including void space to allow for growth. Such meth-
ods include using Si nanoparticles, Si nanowires, introducing porosity, or hierarchical
nanostructures.[8, 9, 10, 11, 12]

• A large first cycle irreversible capacity is found when lithiating crystalline Si, corre-
sponding to the conversion of c-Si to a-LixSi. This two-phase reaction front generates
inhomogeneous internal stress resulting in further particle cracking and a low initial
coulombic efficiency. Starting with amorphous Si is found to decrease particle cracking
and increase the initial coulombic efficiency. No discernable difference is found in the
Si electrode following the first cycle.

• The SEI formed on Si is non-passivating and, in some cases is observed to dissolve and
reform during each cycle. This poor passivation results in parasitic corrosion currents,
consuming Li inventory through continuous electrolyte reduction. The most common
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approaches to stabilizing the SEI have revolved around electrolyte additives such as
FEC or Mg(TFSI)2 to promote the formation of a more robust SEI.[13, 14, 15, 16, 17,
18, 19] These approaches have shown moderate success, capable of improving coulombic
efficiency (CE), although they remain insufficient to achieve capacity retention over
thousands of cycles.

• The formation and subsequent delithiation of c-Li15Si4 is associated with a large voltage
hysteresis and further electrode pulverization. While this issue has not been tackled
directly, the crystallization of c-Li15Si4 can be suppressed by nanostructuring, under
high pressure, and in metal silicides.[20]

A growing area of study is the use of additional alloy components to stabilize the elec-
trode.[21, 22, 23, 24] Additive components improve mechanical stability and decrease vol-
umetric expansion.[25, 24] These ternary Li-Si-X (or quaternary Li-Si-X-Y) are not high
entropy alloys, although these glasses may exhibit exceptional fracture strength as com-
pared to Li-Si, decreasing capacity loss through mechanical fracture. In some cases, alloys
exhibit modified electrochemical characteristics with tailored surface reactivity and superior
SEI stability.[20, 26] These alloyed elements fall into two groups, active and inactive compo-
nents. Elements that form stable binary compounds with Li are Li-active and are dubbed
the active alloys, while those that do not form stable binaries with Li are inactive alloys.
The active and inactive elements are denoted by Ma and Mi, respectively.

Active alloys

The Li-active elements are primarily comprised of p-block elements and late transition met-
als, although the activity of some elements is contentious.[20, 21, 27] Active elements are also
inherently alloy electrodes themselves, forming thermodynamically favorable binary com-
pounds with Li. While many of these elements exhibit Li alloying capability, all of these
elements possess a lower specific and volumetric capacity than Si. Thus, when alloyed with
Si, a decrease in specific and volumetric capacity is seen. When alloyed with an active el-
ement, the Si alloy will typically lithiate through a conversion process. In the conversion
reaction, the alloying of Li forms two distinct phases at terminal stages of lithiation, typi-
cally Li binaries with the two elements. As Li penetrates these host alloys, Li preferentially
bonds with the element with higher lithiation potential, displacing a phase comprised of the
second element. As the potential decreases, Li will begin to alloy with the second element.
In this process, a nanostructured material will be formed with segregated phase regions com-
posed of the individual elements. In this mechanism, lithiation potentials are expected to
be a composite of the individual alloying elements. A representative chemical reaction is as
follows:

Si1−zMaz
Li+−−→
e−

zLixMa + (1−z)LiySi
Li+←−→
e−

zMa + (1−z)Si (1.2)
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In some cases, stable ternary phases may form, resulting in lithiation potentials which
differ from the alloy components. An example is the lithiation of SiO2 where Li4SiO4 in-
termediates are observed, although Li2O and Li15Si4, are expected to be in thermodynamic
equilibrium at maximum lithiation.

Inactive alloys

The Li-inactive elements are mostly early transition metals or alkali metals. Inactive elements
do not participate in alloying reactions with Li at anodic potentials and thus do not exhibit
Li-storage capability. When alloyed with Si, the role of these components is contentious,
with some believing that they are bystanders and follow the reaction:

Si1−zMiz
Li+−−→
e−

zMi + (1−z)LiySi
Li+←−→
e−

zMi + (1−z)Si (1.3)

Others believe that stable binaries formed when alloying Si with inactive metals will
result in the deactivation of more Si and further decrease capacity. An example is in the
alloying of Si with inactive Ni metal to form NiSi2. Because NiSi2 does not melt congruently,
the material is not phase pure, with the presence of Si impurity regions embedded within
a NiSi2 matrix.[28, 29, 20] Therefore, all observed capacity is attributed to the lithiation of
Si impurities. Contrary to this, nanocrystalline NiSi is reported to cycle with a reversible
capacity of 1180−1220 mAhg−1 according to the reversible reaction described in eqn. 1.3.[30,
31]

Nevertheless, inactive metals serve as a buffering matrix to reduce lithiation stress and
volumetric expansion in both cases.[20] A lower average lithiation potential is observed com-
pared to the strategy of mitigating volume expansion by limiting capacity.[25] In limiting
the depth of Si cycling, Si’s low voltage regimes are not utilized, leading to higher average
voltages as illustrated in fig. 1.1. This voltage depression by inactive metals leads to higher
energy densities in a full stack for a-Si/inactive alloys.

Due to the wide compositional space available for alloying electrodes, an Edisonian ap-
proach to evaluating the electrochemical properties and thermodynamics of alloys is un-
suitable. And while battery cycling experiments are capable of capturing all the physical
effects during cycling, it can be challenging to isolate the impacts from alloyed components.
Changes in multiple factors such as synthesis environment, crystallite sizes, nanoparticle
morphology may have tremendous effects on the measured electrochemical data and the
incomplete reporting of experimental conditions obfuscates chemical insight, as described
above for the Si-Ni system. In this regard, a computational simulation can more effectively
interrogate the equilibrium thermodynamics and structural evolution during lithiation. A
first-principles investigation will be capable of rapid, parallel screening of alloy-type anodes.
In this work, we demonstrate a high-throughput Density Functional Theory (DFT) workflow
for evaluating electrochemical characteristics of alloy anodes in Li-ion batteries.
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Figure 1.1: Voltage curve (left) of a-Si cycled with limited (to 100%) volume expansion com-
pared to 36/64 v/v a-Si/inactive alloy. Predicted energy densities (right) for a-Si/inactive
alloys as compared to a pure a-Si alloy as a function of volumetric expansion. Reproduced
from [20]
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Chapter 2

Methodology - Modeling Alloy
electrodes

2.1 Sampling Amorphous Configurations

Since it is observed that amorphous Si alloys exhibit higher initial coulombic efficiencies
and c-Si undergoes amorphization in the first cycle, amorphous electrodes are studied. Sim-
ulation of amorphous Si-based alloys and compounds occurs via a melt-quench approach,
wherein liquid melts are generated at each composition before using rapid quenching to
lock in glassy, amorphous-like local environments. This approach allows the interrogation
of alloys of arbitrary compositions, not limited to the compositions for which known al-
loys or crystal structures exist. We leverage this to study the alloys formed between Si
and all the elements on the periodic table - Formulaicly, Si1-yXy, where X encompasses el-
ements from periodic table group 1-17. For each alloy system, we sample 9 compositions
y = {0.1, 0.2, 0.3, 0.4, 0.5, 0.6, 0.7, 0.8, 0.9}. In addition to the binary alloys, we interrogate
the amorphous structures for the lithiated forms of these alloys. Amorphous structures were
be generated for the products reaction 2.1 with x = {0.5, 1, 2, 3, 4}.

xLi + Si1−yXy −−→ LixSi1−yXy (2.1)

Generating and Equilibrating Liquid Melt

Packmol was used to generate a random arrangement of ≥ 100 atoms according to the
desired composition[32]. Beginning with a randomized cell configuration instead of melting
a crystalline unit cell ensures no hysteresis or bias towards a crystalline system. Initial unit
cell volumes were determined from a linear combination of the elemental molar volumes.
Molar volumes of the most stable elemental phases found on the Materials Project are used.
All AIMD simulations used input parameters as found in the MPMDSet in the pymatgen
software package.[33] As a brief summary, one gamma-centered k-point was utilized with a
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Figure 2.1: Flow chart depicting the workflow for sampling quasi-amorphous configurations

plane-wave cutoff of 400eV, a reciprocal lattice density of 64 per Å
−3

, and a timestep of
2 fs. The cell stress tensor was output during equilibration runs, using the ISIF=2 input
parameter to evaluate the external pressure, but ISIF=0 was used in production runs to
decrease computational cost.

Pressure and energy of simulation cells were equilibrated, as described in fig2.1. First, 2ps
NVT AIMD simulations are run for simulation cells with 0.8x, 1x, and 1.2x the predicted
volume. Pressures and volumes in the initial three simulations are used to fit the Birch
Murnaghan Equation of State and interpolate (or extrapolate) volume for P = 1 bar.[34]
Iterative rescaling was then used to ensure the pressure and energy were equilibrated. The
rescaling process requires running AIMD simulations using an NVT thermostat until the total
energy is stable. After energy convergence, the cell stress is evaluated, and if the average
pressure deviates from a ± 5 kbar tolerance window, the volume is rescaled proportionally
to the pressure observed.

The process of energy convergence and scaling the unit cell is repeated until both the
energy and pressure meet the convergence criteria. Final 20 ps production run is performed
at 5000 K, from which structures are sampled. For some systems, gaseous regions were
formed when equilibrating the simulation cells at high temperatures. This was primarily
observed in chemical systems containing the elements N and F, which form stable diatomic
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molecules. In these cases, the volume was not rescaled before the production run, and energy
was the primary convergence criteria. Due to the lower system volume, higher pressure is
maintained throughout the AIMD simulation, preventing the formation/sublimation of N2

and F2 regions. The pressure is relieved during the quenching process, specifically during
the DFT optimization.

Quenching Structures

Following the completion of production AIMD runs, ten structures were sampled at 2 ps
intervals and quenched. Two quenching approaches were used in the research to be presented.
The first and most frequent method was an ”instantaneous” quenching through direct DFT
optimization of the structure, allowing for relaxation of both atomic positions and lattice.
The second method used was a stepped cooling with AIMD followed by DFT optimization,
allowing for atomic and lattice relaxation. Stepped quenching started at 5000K, decreasing
temperature by 500K over 400 fs utilizing an NVT simulation, followed by an isothermal hold
at the new temperature. The cool and hold process was repeated until a temperature of 0K
was achieved. Energies resulting from the direct DFT relaxation were generally greater than
those found in stepped quenching due to limited structural reorganization. As discussed in
the Chapter 4, a difference in local structures was found in some cases, especially in the
alloys of incompatible elements. Generally, quenching through AIMD allows the system
to explore the energy landscape and yields more stable local environments due to a slower
cooling rate than direct DFT optimization, which is more analogous to a near-instantaneous
quench. While structures quenched through both these methods did not typically exhibit
any medium or long-range order, some snapshots showed a degree of crystallinity and were
discarded. Crystallinity was observed in both visual inspection and the bond orientational
order parameter, which was calculated as implemented in pyboo.[35]

Local Structure and Si-Si bonding

Bonding graphs were used to investigate Si connectivity and the local environment changes.
A graph is used to represent the bonding in an amorphous structure, where the nodes
represent atoms and the edges represent bonds. Connectivity of the graph is determined
using pairwise cutoffs, determined by the radius corresponding to the minimum following the
first peak in the Radial Distribution Function (RDF). The first peak in the RDF corresponds
to the nearest-neighbor interactions between a given pair of elements and roughly follows a
Gaussian distribution. The apex of the first peak corresponds to the average bond length
between the pair. While the first minimum captures nearest-neighbor interactions, it may
also capture some second nearest-neighbor interactions due to an overlap in the distributions
for the first and second nearest-neighbor interactions. Conversely, some bonding interactions
may be excluded within the tail of the distribution. The RDF, gab(r), is defined by the eqn.2.2
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Figure 2.2: Example Si-Si bonding graphs for crystalline LiSi (top) and Li12Si7 (bottom). In
both the structure and graphs, Li atoms are depicted in green and Si atoms in blue

.

as follows. [36]

gab(r) = (NaNb)
−1

Na∑
i=1

Nb∑
j=1

〈δ(|ri − rj| − r)〉 (2.2)

Implementation of radial distribution function can be found in mpmorph.[37, 38] The dis-
tance matrix for the DFT relaxed structure is binned into a histogram, effectively counting
the average number of b neighbors at a distance r from atoms of type a. Due to the relatively
(compared to classical MD) small simulation cells, RDFs may contain large fluctuations, how-
ever, when averaged across all sampled configurations, smoother RDFs are produced. When
evaluating Si-Si bonding graphs, isolated sub-graphs represent Si aggregates or clusters.
Bonding graphs with no isolated sub-graphs indicate networked Si, where all Si is connected
through percolating Si-Si bonds. As is shown in Chapter 3, agglomerates identified through
this method agree well with those observed through Nuclear Magnetic Resonance (NMR).
Additionally, bonding graphs for each atomic pair are useful in determining the average
coordination numbers. Using these approaches, Si’s short and medium range order can be
quantitatively compared across alloy compositions.
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2.2 Thermodynamics

The relative stability of simulated amorphous materials are evaluated from each chemical
system’s computed phase diagram. It is important to note that these phase diagrams predict
phase equilibria at 0K and do not have a temperature axis. Additionally, calculated phase
diagrams may deviate from experimental counterparts due to entropic effects or insufficient
chemical or configurational space sampling. Much like the crystalline phase diagram formed
from an n-dimensional convex hull, we construct the analogous convex hull for the amorphous
structures sampled as outlined by Ong et al. [39]. Each simulated structure is represented
as a point using its atomic fractions and formation energy, UF , as defined by eqn. 2.3.

UF (LixSi1−x−yXy) = U(LixSi1−x−yXy)− xU(c-Li)− (1− x− y)U(c-Si)− yU(c-X) (2.3)

The phase diagram is given by the minimum convex hull encapsulating all calculated
points. In this definition, points coincident with the convex hull, forming vertexes, represent
thermodynamically stable equilibrium phases. Edges connecting two stable points indicate
a 2-phase equilibrium, while triangles between three hull points represent a 3-phase equi-
librium. This can be generalized for an n-component system such that all the simplices
∈ {1, .., n − 1} represent phase equilibria between n-1 phases. Compositions which do not
intersect the hull are metastable and will decompose to form the nearest adjacent equilibrium
phases according to the simplex containing the phase. More detail on the interpretation of
the phase diagrams can be found in chap. 5 While the formation energy of all amorphous
phases are metastable with respect to the crystalline phases, we posit that crystallization is
unlikely to occur for the lithiation of Si-based materials. Lithiation at room temperature
does not present sufficient thermal energy to allow long-range structural reorganization, pre-
ferring only local rearrangements due to hindered kinetics. With the assumption that long
and medium-range order is not observed and lithiation occurs through a series of amorphous
phases, the lithiation is represented by the amorphous hull. At end stages of lithiation, plat-
ing of Li metal is observed, therefore BCC Li is included in the amorphous phase diagram
to enforce proper phase equilibria and lithiation limits. We confirm the phase diagram’s
ability to predict lithiation in chapter 3 by comparing to experimental lithiation profiles for
amorphous Si.

Operating voltage, E, of the full cell is related to the difference in Li chemical potential,
µLi, within the cathode and anode Li potentials.

E =
µCathodeLi − µAnodeLi

e
(2.4)

A common and convenient method to probe the performance of electrode materials is to
consider its electrochemical behavior in a half-cell, utilizing the material of interest as the
cathode and Li metal as the anode. Within the half-cell, eqn. 2.4 is simplified and Li
effectively becomes a reference state with a chemical potential of µ0

Li.

E =
µLi − µ0

Li

e
(2.5)
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The potential of a full cell, EFull Cell can then be determined from the difference of the
half-cell potentials for the cathode and anode, ECathode and EAnode respectively.

EFull Cell = ECathode − EAnode (2.6)

The half-cell potential is therefore the most common method for reporting lithiation poten-
tials of Si-based alloy electrodes in the literature. The chemical potential of Li is defined
as:

µLi =
∂Grxn

∂xLi
(2.7)

where x is the mole fraction of Li. To utilize the DFT calculations to determine the Li
chemical potential, a simplification to the Gibbs free energy (eqn. 2.8) must be made.

∆Grxn = ∆Urxn + p∆V − T∆S (2.8)

DFT calculations occur at 0 K and following structure optimization the internal pressure is
0 bar, therefore the change in Gibbs free energy simplifies from eqn.2.8 to:

∆G ≈ ∆U (2.9)

Because the functional form of Grxn(xLi, xSi, ...) is not known, a numerical method is more
convenient to determine the Li chemical potential. To this end, the alternate definition of
gibbs free energy is useful.

Gα
rxn =

∑
i

xni µi (2.10)

Essentially, in a binary system, the chemical potential of each element is also given by
the intercepts of the tangent line with the x = 0 and x = 1 axes. For a ternary system,
the chemical potentials are defined by the intercept of the tangent planes with the axes
corresponding to the pure elements. Within the calculated phase diagrams, each simplex
(line, triangle, etc.), represents a chemical equilibria where the chemical potentials of each
element are equal in all phases present. For example when considering a chemical system of
A-B-C, the 3-phase equilibria between A2B3C, ABC, and ABC2, the following is true:

µA2B3C
i = µABCi = µABC2

i (2.11)

where µαi is the chemical potential of element i (i ∈ {A,B,C}) in phase α. Therefore, solving
the system of linear equations (eqn 2.12-2.14) yields the chemical potentials for A, B, and C
within the phase triangle.

GA2B3C =
2

6
µA2B3C
A +

3

6
µA2B3C
B +

1

6
µA2B3C
C (2.12)

GABC =
1

3
µABCA +

1

3
µABCB +

1

3
µABCC (2.13)
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GABC2 =
1

4
µABC2
A +

1

4
µABC2
B +

2

4
µABC2
C (2.14)

Under this formalism, a material will alloy with Li only if its Gibbs free energy is lowered by
the inclusion of Li and the convex hull is concave up. Lithiation will track the convex hull
until the simplex representing the n-phase equilibria with Li is reached. Equilibrium with
the BCC Li phase predicts that the plating of a separate Li phase is more favorable than
further alloying. The capacity of the material is bounded by this final equilibrium and the
specific capacity is calculated with respect to this limit.

C =
nF

3.6 ∗M
(2.15)

where n is the # of Li atoms alloyed, F is the Faraday constant, and M is the molecular
weight of the final lithiated phase. Alternate definitions of the specific capacity utilize the
molecular weight of the starting material, however, this metric may be misleading and inflates
the capacity.

2.3 Kinetics

The rate performance of alloy electrodes during cycling is related to many factors including
but not limited to grain boundary diffusion, electronic conductivity, and Li-diffusivity. In an
amorphous alloy, the limiting factor is the diffusion kinetics for Li. We probe the intrinsic
self-diffusivity of elements in Si alloys using equilibrium AIMD simulations. The motion of
each particle within the simulation cell is reflective of chemical bonding, temperature, and
other characteristics. By tracking the trajectory of each particle as the simulation progresses,
the kinetics are realized. Transport coefficients in MD simulations are typically computed
from the Mean Squared Displacement (MSD) from the Einstein relationship or the Velocity
autocorrelation function (VACF) according to Green-Kubo relations. Both these methods
yield the same diffusivity values[40], however we opt to use MSD. as defined by equation
2.16 and 2.17. AIMD is computationally expensive, requiring a DFT calculation at each
time step to determine the forces.

b̂(t) =
1

τ

∫ τ

0

[x(t′ + t)− x(t′)]2dt′ (2.16)

D̂(t) =
1

2
∗ b̂(t2)− b̂(t1)

t2 − t1
(2.17)

This drastically limits simulation time often leading to poor sampling of diffusion events.
This necessitates the use of averaging methods to reduce statistical error and to fully leverage
the simulations. Such averaging methods include time-averaging and ensemble-averaging. In
time-averaging, the MSD is computed for all time-lags (t′) and averaged over all possible
time origins (t), as illustrated in fig 2.3, maximizing the sampling within each trajectory.
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Figure 2.3: Schematic of MSD calculation for time lags of 2 (top), 4 (middle), and 9(bottom)
timesteps. ∆t is the simulation timestep of 2ps. Figure adapted from [40]

Ensemble averaging allows for the simulation of multiple trajectories in parallel to improve
the sampling statistics and improve uncertainty in extrapolated values.

To ensure proper sampling of diffusive events, a minimum MSD was enforced, corre-
sponding to the average Li cage size observed. Hybrid ensemble/time averaged trajectories

not satisfying a minimum MSD of 3.0 Å
2

were discarded and not factored into diffusivity cal-
culations. In these cases, the MSD, when viewed in log-log, do not exhibit a linear diffusive
regime. Diffusion coefficients were fit from the linear regime of the MSD up to a maximum
of 75 % of the simulation time.

Using the average temperature during the NVT AIMD simulation, room temperatures
were extrapolated from the Arrhenius relationship (eqn 2.18).

D = D0 ∗ eaT ; a =
EA
R

(2.18)

It is noted that the mechanism governing diffusion may change across the temperature range.
However, due to the size and time limitation of AIMD, low temperature points cannot be
adequately sampled and an extrapolation must be used. With the data points sampled, it is
found that the diffusivities do not follow the Vogel-Fulcher-Tammann (VFT) equation. In
fact, regression using the VFT equation fails to converge for all samples.

Rigorous propagation of uncertainties was performed through all averaging, regression,
and extrapolation operations performed. Uncertainties in regressed values, σD0 and σa,
are obtained from the diagonals of the regression covariance matrix. Reported errors are
uncertainties, corresponding to 1 standard deviation, in the calculated diffusion coefficients.

σD =

√
σ2
D0
∗ (
D298.15K

D0

)2 + σ2
a ∗ (

D298.15K

289.15K
)2 (2.19)
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Chapter 3

Benchmarking the Si alloy electrode
system

This chapter is reproduced with permission from Electrochimica Acta. 2020, 331.[41]

3.1 Introduction

Due to their high theoretical gravimetric capacity, alloys have garnered much attention
as potential high energy density anodes in energy storage applications.[42, 27, 43] Specifi-
cally, silicon exhibits a theoretical maximum gravimetric capacity of 3579 mAh/g, an order
of magnitude greater than that of the state-of-the-art graphite anode (∼ 372 mAh/g).[7]
While several other values for theoretical gravimetric capacity corresponding to formation
of Li21Si5[44, 20] (4008mAh/g) and Li22Si5[45, 46, 47, 48] (4199mAh/g), it has been shown
that these phases cannot be reversibly formed, even when cycling at elevated tempera-
tures[44, 7]. Silicon also suffers from several performance-inhibiting attributes stemming
from its large volumetric expansion under lithiation and its chemical reactivity with the
liquid electrolyte. The large volume expansion (up to 300%) of the Si electrode results in
mechanical pulverization and loss of electrical contact which reduces the capacity as well as
the cycle life of the system. Efforts to reduce the degradation have been creative ranging
from i) the use of nano-sized particles/architectures[49, 50, 51, 9, 52], ii) thin films[8, 53, 54],
to iii) porous or hollow particle[55, 12, 56], and iv) core-shell particles[57, 10, 58]. Common
to all these attempts is the increased Si surface area to volume ratio, which, while allevi-
ating the internal strain under lithiation, also increases the reactivity with the electrolyte,
lowers the volumetric energy density of the composite anode and increases the amount of
native surface SiO2. The growth of SiO2 on Si has been well studied both in the semicon-
ductor and the energy storage field, and is found to be tunable, in composition, thickness,
and crystallinity, by varying the concentration of oxygen, water present and temperature
during the synthesis process.[59] The native SiO2 surface layer on bulk Si anode particles
is usually found to be amorphous due to its rapid formation under ambient conditions, and
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strain with respect to the underlying Si phase[60]. However, despite recent attention, the
native oxide layer’s impact on the Si anode electrochemical performance remains elusive[61].
On one hand, the presence of SiO2 has been suggested to promote a first-cycle functional
surface electrolyte interface (SEI) formation through the passivation of the anode.[11, 62]
Core-shell architectures consisting of a SiOz layer grown on a Si nanotube were, as a ”me-
chanical clamping layer”, found to restrict Si swelling to the interior channel[11]. Additional
studies on sub-stoichiometric silicon oxides (SiOz for z < 2) suggest the oxide layer is active
during the cycling of the material. Jung et al. [63] used first-principles molecular dynamics
to investigate the lithiation behavior of substoichiometric amorphous SiO, finding a theo-
retical capacity of 3172 mAh/g corresponding to the composition Li5.22SiO. Furthermore,
they also hypothesized that a SiO anode, thermodynamically evolves towards Li-Si alloys
and Li-silicates(Li2Si2O5, Li6Si2O7, Li4SiO4)/Li2O, respectively.[63] In a similar study, Chou
et al. [64] used first principles to study the structural evolution of amorphous SiO1/3 during
lithiation, finding an increase in the Li-Si bonding and the formation of Li6O complexes.

On the other hand, bulk SiO2 exhibits a high impedance, caused by its low electrical
conductivity and low Li mobility.[65] Hence, some studies suggest that, as opposed to bulk
SiO2[66], a thin SiO2 surface layer remains inert under lithiation, due to the activation
energy and overpotential required to break the strong Si-O bonds. For example, Ariel et al.
reported on the use of a 9nm SiO2 film as a solid electrolyte. By monitoring the voltage
of the LiyCoO2/SiO2/Si cells while charging, they suggested that SiO2 was both electrically
insulating and unreactive to Li, allowing for Li transport from the LiyCoO2 to the Si to form
LiySi [66]. In contrast, other reports claim that SiO2 surface films react with Li to form
lithium silicates, Li silicides and even Li2O upon lithiation.[67, 68, 69, 49] Zhang et al. [67]
studied the structural evolution, electronic conductivity, and ionic conductivity of Li in SiO2

films on SiC nanowires. The lithiation of the SiO2 thin film was observed by TEM, revealing
the presence of Li2O and Li4SiO4 upon lithiation of amorphous SiO2. Multiple reports show
that a thicker SiO2 surface layer causes increased irreversible capacity loss and low coulombic
efficiency, due to Li consumption in the first cycle.[62, 68]

Numerous experimental studies on the diffusivity of Li in c-Si and a-Si report highly
disparate values ranging from 10−16 cm2 s−1 - 10−8 cm2 s−1 in LixSi[70, 71, 72, 73, 74, 75,
76, 77, 78, 54, 79]. Diffusivity of 10−9 cm2 s−1 to 10−7 cm2 s−1 is found in amorphous LiySi
(for 0 < y < 3.75) and 10−10 cm2 s−1 to 10−9 cm2 s−1 in c-Si using ab-initio molecular
dynamics (AIMD) [80, 81]. Using nudged-elastic band (NEB) and Kinetic Monte Carlo
(KMC), the diffusivity of Li in c-Si is found to be 10−13 cm2 s−1 to 10−12 cm2 s−1 [82, 83],
even as low as 10−16 cm2 s−1 to 10−8 cm2 s−1 in a study by Yan et al.[84] Similar to the
range of results and conclusions pertaining to the reactivity of SiO2, the ionic conductivity
and Li kinetics of amorphous SiO2, as a function of lithium content is contentious. Li
diffusion in Li4SiO4 was studied using 2-D NMR techniques, which yielded high relaxation
times, correlating to high Li activation energies of 756 - 850meV and 530 - 700meV, for
the crystalline[85] and polycrystalline[86] Li4SiO4 phases, respectively. In the amorphous
phases, Gobel et al.[87] found conflicting activation energies within the same sample using
NMR and electrical conductivity measurements; 228meV and 673meV. A recent study by
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Ostadhossein et al. also found slow Li diffusion using reactive force fields in amorphous
LiySiO2 for 0.5 < y < 3.5 and suggested a concave diffusion behavior with concentration;
10−15 cm2 s−1 for y = 0.5, increasing to 10−9 cm2 s−1 at y = 1.5 and then decreasing again
to 10−13 cm2 s−1 at y = 2.5.[88]. The opposite trend is observed by Zhang et al. using
AIMD, finding monotonic decreasing diffusivity for 0.1 < y < 1.0 in amorphous LiySiO2.[67]
On the other hand, Du et al.[89] reported consistently high diffusivities of 10−4 cm2 s−1

- 10−5 cm2 s−1 in glassy yLi2O − (1−y)SiO2 at 800K using classical molecular dynamics
simulations. Additionally, Jung et al. [63] find a high Li diffusivity of 1.8× 10−8 cm s−2 in
crystalline Li2O using NEB.

The widely varying results for Li diffusion in silicon oxides motivate a revisit, in par-
ticular using a consistent methodology, comparing transport in amorphous Si with SiO2.
Previous work has focused on crystalline systems, such as Li2Si2O5, Li6Si2O7, Li4SiO4, and
Li2O[63], and amorphous Si and LiySi[82, 83, 80, 81, 84], with only one study of LiySiO2

for 0.1 < y < 1[67]. In particular, the Li insertion kinetics and structural evolution
of LiySiO2 has only been studied, using first principles calculations, within a subset of the
lithiation range, 0 < yLi < 1, despite a maximum theoretical lithiation capacity of
0 < yLi < 8.2. In this paper we investigate the lithiation thermodynamics and kinetics of
amorphous LiySiO2 for the full concentration range 0 < yLi < 8.2, using Density Func-
tional Theory (DFT) and AIMD and compare its properties - using the same methodology
- to the crystalline phases as well as to bulk amorphous and crystalline Si.

3.2 Computational Methods

Density Functional Theory calculations

The Vienna Ab-Initio Simulation Package (VASP)[90, 91] was used for all first-principles cal-
culations presented. We use the projector augmented-wave (PAW) potentials[92] along with
the Perdew-Burke-Ernzerhof (PBE) generalized-gradient functional (GGA).[93] In structure
optimization calculations, all lattice parameters and atomic positions were fully relaxed us-
ing a plane wave cutoff of 520 eV, at a minimum reciprocal lattice k-point density of 64 per

Å
−3

. The parameters used for all calculations are extensively benchmarked by the Materials
Project and can be found in the Python Materials Genomics (pymatgen) documentation in
the MP Relax and MP Relax sets.[33] Structures for the crystalline materials were taken
from the Materials Project whereas amorphous structures are created as described in sec-
tion 3.2. Ab-initio molecular dynamics (AIMD) simulations were performed with the NVT
ensemble as implemented in VASP using a time-step of 2 fs, with a plane wave cutoff of 400
eV and one gamma centered k-point to reduce the computational cost.
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Generating Amorphous Structures

An AIMD based workflow was used to generate representative amorphous structures for
LiySi and LiySiO2, for 0 < y < 5 according to a ’melt-quench’ methodology previously
demonstrated on several amorphous oxide systems[38, 37]. The workflows for generating
amorphous structures are constructed using the pymatgen, Fireworks, and atomate software
packages[33, 94, 95], and are available at http://github.com/materialsproject/mpmorph.
First, atoms were randomly distributed in a cubic simulation cell following the desired com-
position using packmol[32], at a density ∼ 20% larger than the crystalline compounds. Unit
cell sizes were constrained to ∼ 100 atoms to ensure reasonable runtime of AIMD simu-
lations. Thus, we note that for some of the high Li content structures, few Si atoms are
present. The pressure was then equilibrated through a series of constant temperature AIMD
simulations at 3000 K, rescaling the unit cell between each AIMD simulation until an inter-
nal pressure of 0 bar was realized, and a stable melt is obtained. Energy equilibration was
achieved in a 10 ps simulation before snapshots of the melt were collected at regular intervals
from a final 10 ps production run. The snapshots of the system were quenched following
a stepped cooling scheme with 400 fs cooling and 1 ps isothermal steps. Final structures
were optimized using VASP with higher precision parameters compatible with the Materials
Project calculations, as described above in section 3.2.

Lithiation Thermodynamics

The formation energy (UF ) for the amorphous phases is calculated with respect to crystalline
termini (Si, Li, and O2) as;

UF (LiySiOz) = ULiySiOz
− yULi −

z

2
UO2 − USi (3.1)

where ULiySiOz , ULi and USi represent the DFT-calculated ground state energies of the sili-
cides/silicates, bcc Li and diamond cubic Si, respectively, in units of eV/atom. UO2 is the
energy per atom (eV/atom) of O2 with an applied gas correction.[96] The ground state en-
ergies are used to construct the low-temperature phase diagram, and the electrode potential
(E) of each phase triangle is obtained as:

µLi − µ0
Li = neE (3.2)

where µLi is the chemical potential of Li in a lithiated phase, µ0
Li is the reference chemical

potential of bcc Li metal, e is the elementary charge of an electron, and n is the number
of Li inserted. Under this framework, the calculated electrode potentials are referenced to
the Li/Li+ reference electrode, and will be provided as such throughout this article. The
chemical potentials of µLi, µSi, and µO in each phase region are calculated by solving a set
of linear equations, one per each stable phase, as in eq. 3.3. [97]

Gi
rxn =

∑
j=Li,Si,O2

xijµj (3.3)



CHAPTER 3. BENCHMARKING THE SI ALLOY ELECTRODE SYSTEM 20

Here, x represents the mole fraction of element j within phase i. At room temperature,
∆G can be approximated by the change in ground state energy, ∆Grxn ≈ ∆Urxn.[98, 99]
For the lithiation of Si, ∆Urxn = UF (LiySi), while the in the lithiation of SiO2, ∆Urxn =
UF (LiySiOz)− UF (SiOz).

The gravimetric capacity, C (mAh/g), of each LiySi or LiySiO2 phase is calculated ac-
cording to the following equation.

C =
yNAe

MW
∗ 4.45 ∗ 10−20 (3.4)

Where NA is Avogadro’s number, MW is the molecular weight of the starting electrode,
28.09 g mol−1 and 60.08 g mol−1 for LiySi and LiySiO2, respectively, and 4.45 ∗ 10−20 is the
conversion factor from the elementary charge, e, to mAh.

Lithium Diffusion

Following the simulation of amorphous structures discussed in section 3.2, the Li diffusivity
was calculated from AIMD simulations at 500 K, 1000 K, and 1500 K. Three starting struc-
tures, equally spaced, were chosen from the 3000 K AIMD trajectories, the volume of the
cell was equilibrated for each temperature (P = 0 kbar) before production runs. From the
trajectories, the mean square displacement (MSD) as a function of time t is calculated with
time-averaging to improve the collected statistics as:

〈~r2(t)〉 ≈ 1

N(T − t)

N∑
i=1

∫ T−t

0

[~ri(t
′ + t)− ~ri(t′)]2dt′ (3.5)

Here ~r is the vector of unwrapped coordinates of each atom, N is the number of diffusing
atoms, T is the total simulation time, t′ is the lag time, and i is the Li atom index. The
diffusion coefficient, D, is obtained from the slope of the MSD versus time in the linear
regime. We used 200 ps AIMD simulations and an upper bound of 70 % of the maximum
simulation time in determining D. [100] The diffusion coefficient at room temperature 25 °C
is obtained through extrapolation of an Arrhenius model fitted to the average D values
calculated for each of the three high-temperature AIMD simulations. Estimated numerical
errors of the diffusion coefficient are obtained from the variance-covariance matrix, for the
regression to the Arrhenius equation, through the propagation of uncertainty.

3.3 Results and Discussion

In the following sections we present and discuss the resulting Si and SiO2 amorphous struc-
tures and their short-range order motifs and benchmark the structures against previous
experimental results, as well as the phase stability, voltage profiles, and Li diffusion as a
function of Li content.
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Short range order and Si connectivity in amorphous LiySi and
LiySiO2

First, we establish that the resulting ’melt-quench’ LiySi amorphous phases are good rep-
resentatives of the local structures formed during electrochemical Li intercalation, e.g. by
comparing them to the short-range order motifs previously established experimentally.[101,
102] To probe the medium-range order of the system, the Si networks were examined over
the composition range using a clustering approach that identifies groups of Si atoms based
on bonding and connectivity. Two Si are said to belong to the same aggregate if there is
a path between them passing through other bonded Si atoms.[103] The clustering summa-
rized in Figure 3.1 qualitatively agrees with previous reports[102] on LiySi local motifs. As a
function of increasing Li content, we observe that a Si network structure is initially present
before y = 0.5 (LiSi), as shown in the inset of Fig. 3.1, rapidly breaking up into smaller
clusters by y = 1.7 (Li12Si7). Thereafter, a gradual transition occurs between y = 1.7 and
y = 3.25 (Li13Si4) where the Si aggregates no longer percolate through the structure, leading
to an increasing amount of Si dumbbells and isolated Si. The formation of small clusters
previously described[102, 101, 104] appear at y = 1.7. At compositions y > 3.25, dumbbells
dominate although a sizeable fraction of 4-atom clusters exhibiting linear as well ’Y’ (see
Fig.1 ) arrangements, similar to those seen in crystalline Li12Si7 [105], are also present. In
the highest lithiated state studied, y = 4.2, isolated Si and dumbbells are the most prevalent
motifs. While the breakup of the Si network and formation of clusters would be expected for
random atomic configurations, with decreasing Si concentration, the formation of these Si
aggregates is not commensurate of truly homogeneously distributed atoms, suggesting that
the structures formed capture the chemical interactions between the Li and Si atoms. This
is supported by charge population studies conducted by Chevrier et al.[106, 107] and Kim
et al.[108] of amorphous and crystalline LiySi, which show a significant increase in Si charge
state and nearly constant charge state for Li with increasing Li content, suggesting Si charge
state is dependent, primarily, on its local environment. An equivalence of Si charge state in
the amorphous and crystalline phase is also observed, further confirming the similarity of the
Si local environment in both the amorphous and crystalline states. Hence, in summary, we
believe that an acceptable agreement between the simulated amorphous LiySi local motifs
and those found by electrochemical lithiation is established.

In order to understand the evolution of local arrangement and ionic coordination in the
computationally-derived amorphous SiO2, as a function of lithiation, we follow a similar
procedure. The simulated amorphous SiO2 structure exhibits sharp peaks corresponding to
Si-Si, Si-O, and O-O bonding centered at 0.30 nm , 0.18 nm, and 0.28 nm respectively. As a
comparison, the average bond lengths in the amorphous lithium silicides for Si-Si, Si-Li, and
Li-Li are found at 0.24 nm, 0.26 nm, and 0.27 nm, respectively. With increased Li content in
SiO2, a new peak appears in the Si-Si bonding at 0.24 nm as seen in Fig. 3.2a, characteristic
of the Si-Si bond length in Si and LiySi. This peak grows with the addition of Li, indicative
of the formation of more Si-Si bonds, until y = 3 where the peak’s decline is seen due
to the formation of isolated Si atoms, characteristic to Li21Si5. As more Li is added, this



CHAPTER 3. BENCHMARKING THE SI ALLOY ELECTRODE SYSTEM 22

Figure 3.1: Aggregation of Si in LiySi for 0 < y < 4.2, where the x-axis indicates the
size of the Si group and y-axis shows the fraction of Si in each group size. Color indicates
composition, as seen on the color scale. Inset shows the aggregation of Si in networked
regime, with x-axis indicating fraction of Si in the simulation cell that compose the aggregate.
Representative structural motifs are highlighted to the right, with Si atoms show in blue and
Li atoms in green.

peak grows in magnitude until the initial 0.30 nm bonding disappears by y = 3, indicating
a break up of the Si-Si network. In parallel, the O-O peak (see Fig. 3.2b) at 0.31 nm,
corresponding to Li2O bond lengths, increases in height which indicates formation of Li2O
environments. Hence, the overall trend with lithiation of amorphous SiO2 is increasing Li-O
and Li-Si bond formation, at the expense of Si-O bonding, in agreement with previous results
on substoichiometric SiOz. [109, 64]

Figure 3.2: Radial distribution functions of a) Si-Si and b) O-O pairs in amorphous LiySiO2
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To further examine the short-range order and network formation in the silicates,the anal-
ysis applied to the lithium silicides LiySi is modified to extract coordination and connectivity
information for the multiple species found in the Li-Si-O system. Here, Si and/or O are de-
fined to exist in the same aggregate if a path links the two through bonded Si and/or O
atoms. Within this approach, the aggregates belong to one of three groups (indicated in
Figure 3.3 by color); i) those containing Si and O, ii) those with only Si, and iii) the O which
only binds to Li e.g. Li2O environments. Similar to the Si-networks in the silicides, the
silicates are found to maintain large Si-O networks in amorphous SiO2 and LiSiO2 as seen
in Figure 3.3. Lithiation past LiSiO2 causes network fragmentation and isolation of substoi-
chiometric SiOz regions. Beyond z = 1, Figures 3.3b-d), the formation of Li2O environments
are also observed. Consequently, a decrease of the O/Si ratio in Li-Si-O clusters, for aggre-
gate sizes < 0.2, between Fig 3.3c and 3.3d is observed, commensurate of the formation of
Li2O-like environments at the expense of LiySiOz. Comparisons between the observed local
environments and the prediction of thermodynamically stable phases are elaborated upon in
Sec. 3.3.

Figure 3.3: a-d) Cluster size distributions in amorphous LiySiO2 for y=1, 3, 4, & 5. Similar
to Fig. 3.1, the x-axis indicates the fraction of the Si & O in the structure in each cluster
and the y-axis shows the fraction of Si and/or O within that cluster. Colored bars represent
the Si or O in the 3 types of aggregates, as specified in the text.
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The lithiation process in the Li-Si-O system

Figure 3.4a) shows the calculated Li-Si-O phase diagram at low temperature, which is con-
structed from the calculated formation energies (for details, see section 3.2), for the crys-
talline and amorphous phases respectively. The convex hull, which constructs the energy
envelope of the thermodynamically stable phases,[39] is depicted with lines and the low-
temperature stable phases as nodes along those lines. We emphasize that metastable com-
pounds, e.g. those with energies above the convex hull, may be observed experimentally if
the energy difference is small compared to the room temperature driving force for structural
reorganization, similar to the case of amorphous Si.

Figure 3.4: a) Si-Li-O phase diagram, including calculated amorphous states and crystalline
phases from the Materials Project, shown as red X’s and green circles, respectively. Also
shown is the formation energies of the crystalline as well as amorphous b) Li silicides with
respect to crystalline Si and Li and c) Li silicates with respect to crystalline SiO2 and Li.

Figure 3.4b) shows the binary convex hull for the Li-Si composition line in the phase
diagram, where the calculated crystalline and amorphous metastable phases are indicated.
We note that Li15Si4 and Li22Si5 are both experimentally observed silicides[110, 111, 112],
exhibiting formation energies of 1 meV/atom (within the accuracy of the employed DFT
methodology) and 18 meV/atom above the hull, respectively. Similarly, we note that the
amorphous states exhibit a high degree of metastability, ranging from 10-500 meV/atom,
above the convex hull, however, the convex hull for the amorphous phases alone follow a sim-
ilar trend as for their crystalline counterparts, as a function of Li content, in agreement with
Kim et al.[108] This suggests that the relative difference in formation energy between com-
positions originates primarily from changes in short-range order Li-Si motifs. We note the
importance of adapting the local structure to the chemical evolution, as simply replacing Si
with Li on an fcc lattice is thermodynamically unfavorable.[113, 83] The formation energies,
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in Fig. 3.4b), exhibit a minimum around x = 0.75 corresponding to the composition with
the largest reaction enthalpy, with respect to the terminal phases (e.g. yLi + Si −−→ LiySi).
Amorphization of Si upon lithiation has previously been reported as an electrochemically-
driven solid-state process[114, 115], where regions of high Li concentration contribute elec-
trons to the antibonding sp3 orbitals of Si, weakening the Si-Si bonds allowing the formation
of metastable amorphous phases. We further note that the high degree of metastablility of
the amorphous phases suggests that crystallization is limited by kinetics. Crystallization of
the Li15Si4 phase, however, has been observed in experimental studies[116, 104] and ratio-
nalized as the interplay of higher diffusivity and the lack of Si-Si bonds in the structure. The
formation energy plots in Figure 3.4 b) provide additional insight into the crystallization.
After LixSi1-x amorphization, further lithiation will trace the amorphous curve in Fig. 3.4 b),
however when the driving force for lithiation reaches 0, near xLi = 0.78(3554mAh/g), fur-
ther Li incorporation into the amorphous matrix is no longer energetically favorable. Hence,
alloying with additional Li occurs only through a transformation from the amorphous to
the crystalline phase, thus forming the Li15Si4 phase, which is the highest lithiated phase
observed in experiments[102]. After c-Li15Si4 is formed, the formation of c-Li21Si5 is thermo-
dynamically favorable, however, its absence in room temperature experiments suggests that
the formation of Li21Si5 is kinetically hindered. This is in agreement with Kwon et al., who
observe Li21Si5 only when lithiating between 100 - 120 °C[44].

As indicated by the dashed line in Fig. 3.4a), SiO2 is thermodynamically driven to
lithiate. The predicted lithiation process passes through ten 3-phase regions consisting of
lithium silicides, silicon, and stoichiometric lithium silicates, until the end products Li2O
and Li21Si5 are formed. Following this compositional trajectory, we examine the calculated
formation energies of a range of LiySiO2 amorphous compositions, shown in Fig. 3.4c), and
compare to the combined energy of the crystalline phases as obtained through the convex
hull of the phase diagram (illustrated by the same color scheme in Figure 3.4a). Similar to
the lithiation of Si, the amorphous structures are metastable as compared to the crystalline
states and the overall shape of the lithiation convex hull is similar for both crystalline and
amorphous phases. Again, the common trend suggests that the energy differences between
the compositions are dominated by the local Li-Si-O environments, rather than longer range
interactions, which are dissimilar in the crystalline and amorphous states. In the initial
charging (lithiation of the anode), Si will be locally extruded within the native oxide layer,
thereby forming lithium silicate environments. As shown in Fig. 3.4a), the formation of
lithium silicates will occur for any composition of non-stoichiometric SiOz, for z < 2,
that may be found on the Si. Further charging will promote various Li silicide formation
until Li2O, Li13Si4, and Li21Si5 are formed. This agrees well with the analysis of local
structural environments in amorphous LiySiOz reported in Sec. 3.3 which predicts formation
of short-range Li2O domains past Li2.9SiO2. Although lithium silicides are predicted to
form for y > 2, based on the phase diagram, pure Li-Si environments are scarce in the
amorphous LiySiO2 structures observed until y = 4 (Li4SiO2). We believe this may in
part be due to artificial limitations in simulation unit cell size (see Section 3.2) and as such,
not necessarily representative of real samples. Both clustering analysis as well as phase
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diagram thermodynamics indicate that Si-only clusters are common to amorphous Li4SiO2

and Li5SiO2 (Fig. 3.3c-d)) compositions as well as amorphous Li13Si4 (Fig. 3.1). Both
compositions lie within the phase triangle formed by the Li4SiO4, Li2O, and Li13Si4, hence
the Si dumbbells, Si4 chains, Y shapes, and Si5 rings present in Li13Si4 are expected. The
silicides are distributed in clusters of size 1-6 evidenced by (relatively) large peaks around
sizes 4 and 5 in Li4SiO2 and 1, 2, and 4 in Li5SiO2. We note that the composition Li4SiO4

forms a particularly stable node in the phase diagram, being present in 5 of the 10 phase
triangles and having the lowest formation enthalpy, as seen in Fig. 3.4c). Indeed, Zhang et
al.[67] observed the strong presence of both Li2O and Li4SiO4 in lithiated SiO2 - coated SiC
nanowires. Similarly, Guo et al. [68] observed the presence of crystalline Li4SiO4 and Li2O
after the first cycle.

Voltage profile in amorphous LiySi and LiySiO2

The equilibrium potential profiles of the systems were derived from the convex hull and
phase diagram (section 3.3) as described in section 3.2. [98] Within the Materials Project,
several stable crystalline lithium silicide phases exist; LiSi, Li12Si7, Li13Si4, and Li21Si5.
Other crystalline LiySi phases have been experimentally observed, e.g. Li22Si5[110, 111, 112]
which is found to be weakly metastable using the current computational methodology. In
the calculated voltage profile for LiySi, Figure 3.5a), the crystalline states follow a stepwise
curve from 0.39V to 0V. On the other hand, the lithiation potential of the amorphous
lithium silicides is initially found to be higher than the crystalline counterparts, 0.50 V until
C = 954mAh/g, where it drops below and smoothly follows the crystalline states. This is a
similar trend to that found by Chevrier et al., with the exception that their initial lithiation
potential is 0.43 V, a disparity, likely, arising from the difference in the method of obtaining
the amorphous structures.[106]

Similar to the case of Si lithiation, the potential profile for LiySiO2, shown in Figure 3.5b)
was derived from the chemical potential of Li within the composition range between adjacent
stable compositions. In the crystalline phases, the initial voltage of SiO2 exceeds that of Si
by almost 1 V. As lithiation progresses and a Li-Si environment forms, the voltage drops
to values closer to that of LiySi. The amorphous phases follow a similar trajectory, initially
exhibiting a potential of 1.2 V, and ending at 0.06 V. These findings agree qualitatively
with experimental studies on bulk SiO2 which exhibit voltage profiles higher than that of Si,
between 1.0-1.5V. [62, 118, 119] The preferred equilibrium phase sequence upon lithiation
shows the strength of, and preference towards, the formation of Li-Si and Li-O bonds at
the expense of Si-O bonds. The formation of Li13Si4, Li21Si5, and Li2O local environments
is favored, even in the first charge, if the anode voltage drops below ≈ 100 mV vs Li/Li+.
During discharge, the lithiated composite (surface phase and bulk) will delithiate in order
of increasing potential such that the lithium silicides within the oxide layer and silicides
in the bulk Si will delithiate first, forming LiySi and Li4SiO4. Only after the LiySi phases
have been completely delithiated will the Li4SiO4 be delithiated to form SiO2. However, in
practice, limits placed on cycling window (e.g. 3 and 4.2V in LiCoO2 based batteries[120])
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Figure 3.5: Calculated electrode potential profile (E vs (Li/Li+)/V) for crystalline and amor-
phous a) lithium silicides in comparison with experimental curves [117, 54] and b) lithium
silicates. The dashed red line in both a) and b) corresponds to the voltage of the amorphous
phases as calculated from the convex hull before smoothing.

may result in loss of energy density if the delithiation potential of the silicates is not reached,
rendering the lithiation of the silicates functionally irreversible. This is in agreement with
experimentally observed capacity losses, from the formation of inactive/irreversible LiySiOz

during the cycling of LiySiOz[121], SiO[122], and SiOz[62, 123]. It is important to note that
we do not explore the SiO2/Si interface in this study and the aforementioned conclusion is
drawn from the voltage profile of the bulk silicides and silicates.

Li diffusion in amorphous LiySi and LiySiO2

Calculated Li diffusivities are shown in Figure 3.6 and tabulated with corresponding errors in
Table 3.1. Previous experimental reports of lithium diffusivity in amorphous Si vary between
10−16 cm2 s−1 - 10−7 cm2 s−1.[70, 71]. We find self-diffusivity values near this range for all of
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Table 3.1: Calculated Li self-diffusion coefficients in lithium silicides and silicates. Reported
errors are statistical errors from the non-linear fit to the Arrhenius equation.

E vs (Li/Li+)/V Diffusivity (D/cm2 s−1) Fit Error (cm2 s−1)

LiSi 0.32 1.49E-08 6.35E-08
Li12Si7 0.28 4.65E-09 1.31E-08
Li13Si4 0.03 2.38E-08 2.44E-08
Li21Si5 0 1.96E-07 2.87E-07
LiSiO2 0.75 2.58E-11 5.30E-14
Li2SiO2 0.41 1.08E-09 3.54E-10
Li3SiO2 0.23 2.44E-08 3.28E-09
Li4SiO2 0.13 1.90E-08 5.99E-10
Li5SiO2 0.09 2.21E-09 2.31E-10

the amorphous lithium silicides, with a general upward trend of diffusivity with increased Li
insertion (decreasing voltage), in agreement with studies by Johari et al. and Wang et al.
who find diffusivity increasing to 10−6 cm2 s−1 in Li15Si4 from 10−9 cm2 s−1 in Si, by studying
the inter-diffusion of separate Li and Si layers using AIMD at high temperature. Intuitively,
as percolating Li-rich environments and pathways are formed within the amorphous matrix
(cluster analysis in Sec. 3.3), we expect the Li diffusivity in Li-rich Si to approach that of
amorphous Li-metal. Literature values for Li self-diffusivity in Li metal range widely from
10−10 cm2 s−1 to 10−6 cm2 s−1, [124, 125, 126], presumably for polycrystalline samples. In the
amorphous silicates, the Li self-diffusivity follows a different trend with composition. For
1 ≤ y ≤ 2 (LiSiO2 to Li2SiO2) it increases by 2 orders of magnitude. Visual inspection of
the Li trajectories in LiSiO2 shows expected high Li residence time near O and, with large
plateaus within the MSD, for each individual Li atom, followed by Li hops to neighboring Si
or O, indicating strong attraction between Li-O and Li-Si which increases the barrier for Li
movement. However, once sub-stoichiometric SiOz and Si environments are formed, the Li
barrier to migration is lowered as Li moves through increasingly Li-rich environments. At
y = 3.0, we expect silicide domains corresponding to an average composition of Li12Si7,
which exhibits a similar Li diffusivity to that found in the composite lithium silicate ma-
trix. This confirms that the formation of these local, yet connected domains, enable faster
Li diffusion. As discussed previously, the Li4SiO2 and Li5SiO2 compositions share similar
clustering patterns to Li13Si4 which gives rise to similar Li diffusion behavior. Overall, the
trend shows that the presence of SiO2 is likely to have a detrimental effect on overall rate
behavior of a Si-based anode, especially at low levels of surface oxide lithiation. Irreversible
formation of Li2O environments will present a sink for Li inventory while formation of Si
and lithium silicide environments will result in a higher Li diffusivity in subsequent cycles.
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Figure 3.6: Room temperature Li self-diffusion coefficients in amorphous lithium silicides
and lithium silicates as a function of electrode potential E vs (Li/Li+)/V

3.4 Summary

We present first-principles calculations of amorphous LiySi and LiySiOz, and evaluate their
structural evolution, electrochemical voltage, and Li diffusion properties, as a function of
Li concentration. The local environments in LiySi compare well with existing experimental
results from electrochemical lithiation. Similar Si short-range motifs are formed in the amor-
phous lithium silicides as in the crystalline phases, showcasing the preference for formation
of 5-membered rings, Y-shapes, and Si dumbbells. Thermodynamic lithiation potentials
show that amorphous SiO2 lithiates at a higher potential than Si, initially approximately
1.2 V vs Li metal. The structural evolution of the amorphous lithium silicates corroborates
the thermodynamic lithiation pathway as evidenced in the phase diagram, showing strong
preference towards the formation of Li-O and Si-Si bonds. Aggregation of Si in the amor-
phous lithium silicates also correlates well with the aggregation of the silicides within the
same phase triangle. Initial electrochemical activity of SiO2 is found at 1.3 V, as compared
to ∼ 0.4 V in Si. Diffusivities of Li in the amorphous silicides are found to be high (order
10−9 cm2 s−1 - 10−7 cm2 s−1), increasing with composition, while the amorphous silicates start
low (∼10−11 cm2 s−1), increasing to 10−8 cm2 s−1. Formation of percolating Li networks at
higher Li concentrations coincide with higher Li transport in both the silicides and silicates.
In conclusion, we find that SiO2 is thermodynamically driven to lithiate, by extrusion of Si
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and increased formation of Li-O bonds. SiO2 also exhibits two orders of magnitude lower
Li diffusivity at low Li concentration. Hence, excluding explicit interaction with the liquid
electrolyte, we find that the SiO2 surface may impede Li transport at low Li contents and
contribute to loss of Li inventory through the formation of Li2O during prolonged cycling.
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Chapter 4

Case Study of the Silicon-Tin alloy
system

This chapter contains unpublished work and research from publications in preparation.

4.1 Introduction

Increased utilization of renewable, intermittent energy resources and large-scale electrifica-
tion of vehicles require continued innovation in energy storage materials and technologies.
Today, commoditized Li-ion secondary batteries provide the vast majority of new instal-
lations, however, improvements in active materials are still desirable. Promising electrode
formulations, such as Si-based alloy electrodes can improve the energy density of the an-
ode, with realizable gravimetric capacities up to 3579 mAhg−1, significantly higher than
graphite electrodes (372 mAhg−1).[9, 127, 21] While much progress has been made towards
the commercialization of Si-based anodes, cycle life limitations and capacity fade stemming
from particle cracking, non-passivating SEI formation, and poor lithiation kinetics are still
concerns.[20, 128, 129] Notably, strategies to mitigate one of these challenges often end up
exacerbating others. For instance, modifying particle morphologies to decrease mechanical
stresses and prevent particle cracking enhances the capacity loss due to increased surface
area exposed to non-passivating SEIs[130, 128]. Tailoring the chemistry of the anode by
alloying to form metal silicides or by developing composites can mitigate the volume expan-
sion that causes the mechanical stresses, but as of yet, alloys have presented poor coulombic
efficiency.[23, 21, 20]

Nevertheless, modifying the chemistry of the anode presents a practical method of tun-
ing the performance of the amorphous Si-anode. In particular, alloying Si-anodes with Sn
has garnered interest due to Sn’s high innate volumetric capacity.[131, 132, 133] Tin also
possesses a higher electronic conductivity (∼ 9.2× 104 S cm−1) and Li-diffusion rate than Si,
which may improve anode charge rates.[134] Several studies have demonstrated improved
cycling for Si-Sn alloys and nanocomposites.[135, 23, 136, 137, 138, 139, 140] Hatchard



CHAPTER 4. CASE STUDY OF THE SILICON-TIN ALLOY SYSTEM 32

et al.[135] employed combinatorial sputter deposition to synthesize amorphous Si-Sn films,
rapidly exploring a wide range of compositions. Deposited films exhibited a significant im-
provement in cycling stability across all compositions, although they found < 40 atom % Sn
to be ideal. Improvements to capacity retention were attributed to the formation of a single
LinSi(1-z)Snz phase during lithiation and delithation[23], as compared to the 2-phase lithia-
tion observed in Si between a-LixSi (0 ≤ x ≤ 3.75) and c-Li15Si4. Yao et al.[136] reported
excellent cycling stability in Si-Sn nanocomposites synthesized through chemical reduction,
observing a reversible capacity of 700 mAhg−1 over 200 cycles. Xu et al.[139] demonstrated
Si-Sn nanocomposites, synthesized through mechanical milling, with better 1st cycle coulom-
bic efficiency and capacity retention of ∼ 80% over 50 cycles as compared to ∼ 20% in
mechanically milled Si. Relevant to kinetics, Wang et al.[141] reported nanobranched Si-
Sn nanocomposites exhibiting ∼ 2.45 times higher Li-diffusivity than in pure, unmodified
nanobranched Si. With numerous other publications reporting improved cycling and rate
performance in recent years, it is fair to suggest that Si-Sn based alloy electrodes present a
promising path forward.

Specifically, from a rational design perspective, it is desirable to address the fundamental
mechanisms underlying possible improvements in performance. No work, to date, elucidates
the Li diffusion coefficients in the Li-Si-Sn alloy system. Furthermore, no computational
efforts have been undertaken to study the thermodynamics of lithiation and structural evo-
lution of the Si-Sn system. While the reported Si-Sn immiscibility[137, 142, 136] has not
been shown to be detrimental to performance and has even been used as a route for Si-Sn
nanocomposite formation, a bottomup, atomistic understanding of the system’s structural
evolution will aid in optimizing Sn-alloying. Here, we present a combined ab-initio Molecular
Dynamics (AIMD) and density functional theory(DFT) study of the thermodynamics across
the amorphous Li-Si-Sn system to improve our understanding of the relative stabilities, dif-
fusivities, and lithiation behavior as a function of Sn-alloying composition.

4.2 Methods

To explore Li diffusion and phase evolution of the Si-Sn alloy system as a function of al-
loy composition and Li content, we employ first-principles calculations to sample quasi-
amorphous structures, low-temperature energetics, and observe the dynamics related to
diffusion. Calculations were performed using the Vienna Ab-initio Simulation Package
(VASP)[90, 91], with projector augmented-wave (PAW) potentials[92] and the Perdew-
Burke-Ernzerhof (PBE) generalized-gradient functional (GGA).[93] Calculation parameters
were chosen to be consistent with those of the Materials Project[143], which have been ex-
tensively benchmarked and are documented in the Python Materials Genomics (pymatgen)
package under the MPRelaxSet, MPStaticSet, and MPMDSet.[33] As a brief summary of
these parameters, geometry optimizations were performed with a plane wave cutoff of 520

eV, with a minimum reciprocal lattice k-point density of 64 per Å
−3

. Single-point calcula-

tions were performed with the same cutoff but an increased k-point density of 100 per Å
−3

.
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Ab-initio molecular dynamics (AIMD) simulations were performed using a 2 fs time-step
with a plane wave cutoff of 400eV and one gamma centered k-point.

Ab-initio Molecular Dynamics (AIMD) were employed to emulate amorphous structural
configurations through a simulated ’melt-quench’ process[37, 38, 41]. Cubic simulation cells
of at least ∼ 100 atoms were generated using packmol [32]. The aforementioned work-
flow is implemented in mpmorph (http://github.com/materialsproject/mpmorph) using
pymatgen[33], fireworks[94], and atomate[95]. All thermodynamic calculations utilized di-
rect DFT structure optimization for quenching. More stable structures were obtained from
AIMD quenching, at a rate of 3.97× 1014 K ps−1, using an NVT thermostat, followed by DFT
structure optimization, and reveal the tendency for phase segregation. Simulation cells were
generated for various compositions within the Li-Si-Sn chemical system. Throughout the
paper, we denote the chemical formulas as LinSi1-zSnz for ease of discussion when referring
to moles of Li atoms alloyed per mole of the starting electrode.

Investigations of the diffusion kinetics were conducted using a minimum of three AIMD
simulations at 1500 K, 1250 K, 1000 K, 750 K, and 500 K. Simulation cells were re-equilibrated
at the desired temperature through volume rescaling of short timescale runs until an external
pressure of 0 ± 5 kbar was achieved. Diffusion coefficients were fit from the hybrid-ensemble
time-averaged mean squared displacement (MSD)[40] and room temperature diffusion coef-
ficients were extrapolated assuming Arrhenius kinetics. To ensure sufficient events in the
diffusive regime to compute appropriate MSDs, we impose a minimum diffusion distance for
each specie in the trajectories. Calculations not meeting the minimum MSD or exhibiting
a statistical error greater than the diffusivity are discarded. In the case of Li, we use a

minimum MSD of 3 Å
2
, as compared to the maximum MSD within the ballistic regime of

approximately 0.3 Å
2
.

4.3 Results and Discussion

Impact of Sn Alloying on Intrinsic Li Diffusivity

Figure 4.1 shows the room temperature Li self-diffusion coefficients for four systems spanning
the Li-Si-Sn compositional space, obtained from the extrapolation of the Arrhenius fit to
AIMD results (see Methods, Sec. 4.2) at higher temperatures. Comparing the pure Si
and Sn phases, in general, the Li-diffusivity in LinSn phases are higher than their LinSi
counterparts. Li diffusion in amorphous Sn at low lithiation is nearly 40 times faster than
for amorphous Si, which qualitatively agrees with literature assessments of Li diffusivity in
the two systems.[137] We find that the Li-diffusivity in LinSn decreases with increased Li
concentration, however, we note that for n = 2− 3 (66-75 atom % Li), some crystallization
was observed at temperatures ≤ 750K, which may contribute to the decrease in kinetics.
Turning to the amorphous alloys of Si(1-z)Snz, we find an improvement in Li diffusion when
alloying with Sn up to approximately 38%. At 10% Sn content (LinSi0.9Sn0.1), the diffusion
for n ≤ 1.5 is equal to LinSi, but surpasses the Li diffusion in the Li-Si system by 1.5 to



CHAPTER 4. CASE STUDY OF THE SILICON-TIN ALLOY SYSTEM 34

3x for n >= 2 (66 atom % Li). We find amorphous LinSi0.62Sn0.38 to exhibit improved Li
kinetics for all calculated compositions, ranging from 1.5 to 5x greater, as compared to an
amorphous Si host.

Figure 4.1: Evolution of Li self-diffusivity for various amorphous Si-Sn alloy materials. Error
bars on estimated Li-diffusion coefficients account for the uncertainty resulting from time-
averaging, regression, and extrapolation.

It has been previously reported that there is a strong correspondence between the melting
temperature and activation energy for diffusion in metals.[144, 145] From the experimental
phase diagrams, we find that for Si, the addition of Li lowers the melting point temperature,
Tm, while in Sn, the addition of Li increases Tm. Thus, we may attribute the higher Li
diffusivity of LinSn in part to the lower melting point of tin and the lithium stannides. We
also note that the melting temperatures of Li3Si and Li3Sn are nearly equal (982K and 993K,
respectively), and in our calculations, we indeed find similar Li self-diffusion coefficients in
Li3Si and Li3Sn.[146, 147]

Phase Evolution as a function of Si-Sn intermixing and lithiation

In the following we examine the effect of lithiation on the phase evolution and kinetics within
the Li-Sn-Si system. It is well documented that the Si-Sn system presents an immiscibility
gap below 231.9 K across the entire Si-Sn composition range.[142] In agreement with ex-
perimental findings, the 0K Li-Si-Sn phase diagram, constructed from calculations obtained
from the Materials Project, shows no stable crystalline Si-Sn phases (see Figure 4.2a). All
Si(1-z)Snz phases are found above the convex hull and are thermodynamically metastable,
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which means that any Si-Sn alloy synthesized will achieve lower free energy by forming
distinct Si and Sn phases.

Figure 4.2: a) Crystalline phase diagram of the Li-Si-Sn chemical system. b) Amorphous
convex hull with sampled off-hull amorphous compositions marked with diamonds.

Furthermore, no stable, ternary crystalline Li-Si-Sn phases are found on the Materials
Project, indicating that Li-Si-Sn alloys may all be metastable (barring insufficient exploration
of the chemical and structural Li-Si-Sn space). We note that the absence of low-temperature
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stable Si(1-z)Snz phases does not preclude experimental observation at higher temperatures,
as entropic contributions may stabilize the alloy and kinetic effects inhibit the decomposition.
Phrased alternatively, any binary Si-Sn as well as ternary alloy in the Li-Si-Sn system at low
temperature will be thermodynamically predisposed to phase separate into pure crystalline
Li-Sn, Li-Si and pure Si/Sn, depending on composition.

Assuming slow decomposition into the stable crystalline phases, we assess the relative
stability of the amorphous phases within the exclusively amorphous Li-Si-Sn system using
the average formation energy of each sampled composition. Figure 4.2b shows the resulting
convex hull using only the sampled amorphous structures and BCC Li. The amorphous Li-Si-
Sn system tracks its crystalline counterpart, with no stable Si-Sn binary or Li-Si-Sn ternary
phases. As with their crystalline counterparts, all alloyed amorphous Si(1-z)Snz phases are
predicted to be thermodynamically metastable at low temperatures.

The tendency towards phase segregation and preferential bonding as a function of lithi-
ation is also observed upon careful examination of the AIMD trajectories as well as in the
amorphous structures obtained from the AIMD melt-quench procedure (see Sec. 4.2). As a
general note of caution, our limited sized simulation cells cannot completely capture phase
segregation, especially at high Li content, where there are only a few Si and Sn atoms, how-
ever trends can be observed. While our glassy liquid melts of Si(1-z)Snz at 5000K appear
homogeneous on visual inspection, quenching results in in-homogeneous atomic arrange-
ments with large clusters of Si and Sn, as seen in Figure 4.3a. Such local phase segregation
was observed in amorphous samples relaxed by both direct DFT structure optimization and
AIMD quenching. At low temperatures, we observe short-range segregation across the entire
composition range, 0.1 ≤ z ≤ 0.9 in Si(1-z)Snz such that the Si-Sn system favors the formation
of Si-Si and Sn-Sn bonds over Si-Sn bonds. The coordination numbers (Fig. 4.3 f) confirm
this trend, with Si-Sn coordination numbers much lower than that of Si-Si and Sn-Sn inter-
actions. Interestingly, the separation of Si and Sn diminishes with lithiation (Fig. 4.3b-e),
disappearing in the highly lithiated compositions, as the Li acts like a ’glue’ between Si and
Sn, through the formation of more favorable Li-Si and Li-Sn bonds. In the early stages of
lithiation, Li primarily forms bonds with Sn, as seen by the more rapid decrease in Sn-Sn
coordination (Fig. 4.3f) and the increase in Li-Sn bonding (Fig. 4.3g), while breaking up
the Si-Si clusters into smaller clusters or longer chains. Further lithiation favors Si clusters
of 2-5 atoms, similar to the Si aggregates observed in the binary Li-Si system [41]. At higher
stages of lithiation (n > 2 in LinSi(1-z)Snz), most Si and Sn atoms exist as isolated atoms,
only coordinated with to Li.

A summary of the electrode characteristics for select crystalline and amorphous Si1-zSnz

compositions is presented in Table 4.1. The lithiation voltage of crystalline phases is higher
than the amorphous phases in both Si and Sn, indicative of a more unstable delithiated
state. The average lithiation voltage is found to increase with increasing Sn content, with
the lowest potentials for pure Si. This is congruent with experimental reports on Si(1-z)Snz,
for 0 ≤ z ≤ 0.45 [135, 20] where an average lithiation voltage of ∼ 0.2 V is found for Si,
increasing to ∼ 0.24 V at Si0.55Sn0.45. With no stable ternary phases, the lithiation voltage
profile for the Si-Sn system is a composite of the individual Si/Sn alloying voltage profile,
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Figure 4.3: a) Representative Unit cells of various lithiation stages of LinSi0.5Sn0.5 a) n = 0,
b) n = 0.5, c) n = 1, d) x = 2, e) x = 4. Li, Si, and Sn atoms are depicted as green, blue,
and grey spheres, respectively. Average coordination numbers for f) host atoms (Si and Sn)
and g) Li are plotted as a function of the lithium content.

such that the characteristic potentials of LinSi and LinSn are combined in descending order;
Capacities at each voltage are dependent on initial Si and Sn content. The higher lithiation
potential of Sn predicts a preferential bonding of Li within Sn-rich regions before Si regions,
commensurate with the coordination evolution in Figure 4.3

Having explored the thermodynamics of the Li-Si-Sn system, and established its clear ten-
dency towards phase segregation into Li-Si and Li-Sn phases - however with a higher degree
of intermixing with higher Li content, we turn towards kinetics. In these glassy materials,
the diffusion of the host atoms, Sn and Si, occurs through Li-Si and Li-Sn bond-breaking,
bond-forming events such that the diffusion of species is necessarily co-correlated.[148] Figure
4.4 illustrates the diffusivity of Si and Sn in a range of Li-Si-Sn amorphous alloys, compared
to the Li-Si and Li-Sn binaries. We observe that Si exhibits very low self-diffusivity, while
the self-diffusivity of Sn is orders of magnitudes higher in the Sn-rich regimes - a trend that
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Table 4.1: Electrode Characteristics for various Si-Sn alloys

Volume
Expan-
sion
(%)

Average
Voltage
(E)

Lithiation
Capac-
ity (#
Li)

Specific
Ca-
pacity
(mAhg−1)

Volumetric
Capacity
(AhL−1)

Crystalline

Si 0-290 0.28 4.2 4020 2350

Si0.9Sn0.1 0-270 0.30 4.2 3040 2310

Si0.62Sn0.38 0-220 0.34 4.2 1820 2200

Si0.5Sn0.5 0-210 0.36 4.2 1550 2150

Sn 0-160 0.44 4.3 960 1990

Amorphous

Si 0-400 0.20 4.0 3820 2090

Si0.9Sn0.1 0-350 0.21 4.1 2920 2020

Si0.62Sn0.38 0-320 0.22 4.2 1800 1970

Si0.5Sn0.5 0-300 0.23 4.2 1560 1940

Sn 0-260 0.25 4.5 1020 1870

is ameliorated with mixing of Si and Sn.
The dramatic and consistent modulator of Si and Sn diffusivity is lithiation. The Si-

diffusivity initially trends upwards with Li concentration in LinSi and LinSi0.9Sn0.1, then de-
creases. By contrast, in LinSi0.62Sn0.38, Si-diffusivity decreases with lithiation. Sn-diffusivities
in both LinSi(1-z)Snz and LinSn decrease with increasing Li concentration. The lithiation of
Sn reduces the Sn diffusivity by two orders of magnitude. Combined, these trends confirm
that host atom diffusion is correlated to Li diffusion at low Li concentrations.

Assuming that large-scale structural reorganization cannot occur in a kinetically limited
system, where Sn and Si diffuse slowly at low temperatures and shorter time scales, we find
it reasonable to deduct that nano-sized regions of a-Si and a-Sn that form during synthesis
will remain at low temperatures. In such nanocomposites, Si’s low lithiation potential and
high specific capacity act as a storage mechanism for Li while the Sn primarily serves as
a pathway for faster Li diffusion and secondary (less thermodynamically stable) storage of
Li. Phrased more colloquially, and from a Li storage and transportation perspective, we
visualize the composite system as Si-rich ’parking lots’ and Sn-rich ’freeways’. With low
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Figure 4.4: a) Si-Diffusivity and b) Sn-Diffusivity in various LinSi(1-z)Snz alloys

Si and Sn diffusivities at high lithium content, Si and Sn from LinSi and LinSn are not
expected to significantly inter-diffuse, and the nanocomposite structure may be maintained
during cycling.

At high lithiation levels, the energy above hull for the amorphous ternaries may be suffi-
ciently low (see Figure 4.5), especially when considering free energy contributions from the
entropy of mixing, to maintain a well-mixed phase throughout synthesis. Non-equilibrium
materials processing techniques utilizing rapid cooling rates, such as quenching or sputter-
ing, to prevent phase transformations may be able to form ternary a-LinSi(1-z)Snz phases.
Combined with the low Si and Sn diffusivities, this hints at possible synthesis routes for
homogeneous Si-Sn alloy through the delithiation of LinSi(1-z)Snz which should be beneficial
as homogeneous Si(1-z)Snz materials present an increased Li-diffusivity as compared to pure
Si. As the Si and Sn diffusivities are low in these amorphous ternary alloys, the formation of
crystalline phases may be suppressed. Furthermore, crystalline phases such as the c-Li15Si4
phase, which is found to be detrimental to Si cycling, may be avoided.

4.4 Conclusion

We present an ab-initio investigation of the impacts of Sn-alloying in Si anodes for Li-ion
energy storage applications. We find that the introduction of Sn improves the Li-diffusion
kinetics as compared to pure Si, which correlates well with the inverse relationship between
melting temperature and ionic diffusivity. This suggests that identifying alloys with low
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Figure 4.5: Energy above the amorphous hull for a-LinSi, a-LinSi0.5Sn0.5, and a-LinSn

melting temperatures may be fruitful for targeting high rate capability anodes. Our findings
indicate that Li alloying with the Si-Sn electrode is coupled with the breaking of Si-Si bonds,
while at higher charge, Li diffuses in Li-coordinated Sn-rich environments. The introduction
of Sn decreases the number of Si-Si bonds, which, while using Si-rich environments for stor-
age, improves overall Li diffusivity. Additionally, decreased Si-diffusivity at high lithiation
may suppress the formation of crystalline stable phases, such as c-Li15Si4. It is worth noting
that while amorphous Si-Sn is prone to short-range order Sn-rich and Si-rich regions, both
offer improvements to electrode characteristics, providing high capacity storage (Si ’parking
lots’) with fast transport routes (Sn ’freeways’). Finally, a decrease in the driving force for
phase segregation is found at higher lithium content, hinting at possible synthesis routes
for more homogeneous Si-Sn alloys through the electrochemical delithiation of amorphous
Li-Si-Sn alloys.
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Chapter 5

High-throughput investigation of
lithiation behavior of binary Si alloys

This chapter contains unpublished work and research from publications in preparation.

5.1 Introduction

Lithium-ion secondary batteries are currently the dominant energy storage technology for
consumer electronic devices and are increasingly in demand as the adoption of electric vehi-
cles and renewable energy rises.[149, 150, 151] Current generation Li-ion batteries, utilizing
graphite intercalation materials, are nearing their limits for energy storage, and continued
improvements in negative electrode energy density require the transition to alternative an-
ode materials.[5] Silicon has been suggested as a replacement for graphite in Li-ion batteries
due to its high theoretical capacity in conjunction with its high abundance and global pro-
duction. Amorphous Si delivers up to 3579 mAhg−1 when cycled at room temperature.
However, concurrently Si suffers from electrode performance degradation resulting from the
significant volumetric expansion associated with Li alloying[9, 103, 102, 116] as well as the
formation of an unstable solid electrolyte interphase (SEI) which leads to continuous elec-
trolyte decomposition and loss of Li inventory.[129, 152] Strategies to mitigate volumetric
expansion primarily involve nanostructuring to introduce void space, allowing for particle
swelling and reducing internal stress during cycling.[9, 20] However, nanostructuring also
accelerates electrolyte reduction by increasing the contact area between the active material
and electrolyte, resulting in low initial coulombic efficiency.[128] Amorphous Si has yielded
marked improvement in mechanical stability due to the absence of phase separation dur-
ing lithiation, reducing stress originating from phase boundaries between distinct lithiated
phases.[153] Attempts to promote the formation of a suitable SEI have found improved ca-
pacity retention and extended cycle life but still fall short of requirements for commercial
application.[14, 13] Alloying Si with other elements is another effective strategy to mitigate
volume expansion and modify SEI formation by modulating lithiation voltage, volumetric
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expansion, surface reactivity, and phases formed during cycling. [154, 139, 155, 25]
Alloyed elements are either active or inactive depending on their reactivity with Li. El-

ements that form stable binary phases with Li (such as Si, Ge, Sn, and Sb) are considered
active, while those that do not form stable binaries (e.g. Ti, Cr, Mn, and Ni) are deemed
inactive.[21, 20] The alloys of active elements have received much attention, as the electro-
chemical characteristics of alloyed active components can be markedly different from the
individual elements.[26, 20] Additionally, the presence of a third element in these glasses
is associated with increased fracture toughness, leading to higher mechanical stresses dur-
ing cycling which suppresses the formation of the crystalline Li15Si4 phase, which is known
to contribute to electrode cracking and voltage hysteresis.[153, 117] Although high stress
from lithiation typically results in the fracturing of Si, amorphous materials such as metallic
glasses exhibit higher yield strength, fracture toughness, and resistance to crystallization
and may be capable of withstanding forces associated with lithiation.[156, 157, 158] While
the alloying of inactive elements, especially at high concentrations, is detrimental to en-
ergy storage capacity, the inclusion of these components lowers the maximum volumetric
expansion, similar to the inclusion of void space through nanostructuring.[25] Consequently,
compared to a-Si with a depth of charge restricted to similar volumetric expansion, alloys
yield a decreased average voltage and increased energy density.

While much work and several extensive reviews are devoted to the performance of of
Si-based alloy electrodes[21, 20, 159], most predictions of lithiation behavior use the known
crystalline phases from the Materials Project[143, 43, 20]. While this approach may be suf-
ficient in systems with high ionic diffusivity, such as Sn, which lithiate through a series of
crystalline phases, ionic diffusivity in crystalline Si is sluggish and amorphization is perva-
sive[20, 154]. Therefore, examining the crystalline polymorphs likely results in an incomplete
picture of the systems, since only a handful of lithiated compositions are represented in the
calculation set. An understanding of formation of binary Si alloys and their corresponding
lithiated amorphous alloys is necessary when designing alloying and conversion electrodes.
In this work, we present a comprehensive ab-initio study of the thermodynamics and lithi-
ation characteristics of amorphous binary Si-X alloys and/or compounds. Although some
elements may be unsuitable for use in Li-ion batteries due to their toxicity, high cost, or low
abundance, we include these elements for completeness and comparison.

5.2 Computational Methodology

Methods

For all elements investigated, we sampled amorphous structures using ab-initio molecular
dynamics (AIMD) and Density Functional Theory (DFT), similar to previous work on the
Li-Si and Li-Si-O systems.[41] High-throughput workflows were implemented in the mp-
morph[37] software package using the atomate[95], fireworks[94], and pymatgen[33] python
packages. A modification to the volume rescaling approach was necessary for robust and
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accelerated convergence of equilibrated liquid melts. Density convergence was achieved by
running three parallel AIMD simulations with different densities, regression analyses of the
Birch-Murnaghan EOS (shown in eqn 5.1), and identifying V such that P (V ) = 0.[34, 160].

P (V ) =
3B0

2

[(
V0
V

)( 7
3)
−
(
V0
V

)( 5
3)
]{

1 +
3

4
(B′0 − 4)

[(
V0
V

)( 2
3)
− 1

]}
(5.1)

All Density Functional Theory (DFT) calculations were performed using the Vienna
Ab-initio Simulation Package (VASP)[90, 91], with projector augmented-wave (PAW) po-
tentials[92] along with the Perdew-Burke-Ernzerhof (PBE) generalized-gradient functional
(GGA)[93] and the GGA+U extension[96] where applicable. The Python Materials Ge-
nomics (pymatgen) package was used to generate input files with calculation parameters
(U values, convergence criteria etc) consistent with those of the Materials Project.[33, 143]
Structure optimizations were performed using the MPRelaxSet within pymatgen, with a

plane wave energy cutoff of 520eV with a minimum reciprocal lattice density of 64 per Å
−3

.
AIMD simulations utilized a plane-wave cutoff of 400 eV, one Γ centered k-point, and a time
step of 2 fs as documented in the MPMDSet.

Thermodynamic Stability

Formation energy is used to compare the relative stability of compounds to their elemental
constituents. The formation energy for the amorphous and crystalline phases is calculated
with respect to the crystalline phases according to eqn. 5.2.

UF (LixSi1−x−yXy) = U(LixSi1−x−yXy)− xU(c-Li)− (1− x− y)U(c-Si)− yU(c-X) (5.2)

To evaluate the relative stability of the crystalline phases available in the Materials Project[143],
a ternary phase diagram was generated for each chemical system. The phase diagram is con-
structed from the convex hull of composition and formation energy (UF ), such that phases
coincident with the hull represent thermodynamically stable equilibrium phases[39] at low
temperatures. Tie-lines, or line segments, connecting two stable points represent a two-phase
equilibrium, such that materials with composition falling on the tie line will be predisposed
to decomposing to form the bounding phases. Likewise, tie-triangles correspond to three-
phase equilibria, where materials with formulas coincident with the triangles are composed
of the phases at the vertices.

In addition to the construction of the crystalline phase diagram, we compose a hull for
the amorphous phases. This convex hull is constructed in similar manner to the crystalline
phase diagram, however all the crystalline energies are omitted except for BCC Li. In the
absence of long and medium-range order and insufficient kinetic energy to overcome barriers
for structural reorganization, decomposition into stable crystalline phases will be slow and
the amorphous hull may be used to predict the lithiation behavior of Si-X alloys. Employing
anode alloys that do not react with Li tends to result in Li metal plating, which motivates
the use of the BCC polymorph as a reference state for Li.
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Figure 5.1: Example phase diagram for a Li-Si-X ternary system with all 3-phase equilibrium
regions labeled. Stable phases are noted by green circles. Lithiation pathway of XSi4 (marked
in yellow) is drawn with a dashed grey line.

An example phase diagram is shown in Fig. 5.1 for a Li-Si-X system. Interpreting
the lithiation pathway from the ternary phase diagrams follows a line segment connecting
the composition with the pure Li point with considerations to the phase equilibria. A
sample lithiation pathway is provided for a-XSi4 (indicated by the yellow circle), which
passes through the tie-triangles I, II, III, and IV, each corresponding to unique lithiation
multi-phase stages for the material. In stage I, Li alloys with Si and extrudes XSi2, quantities
determined by applying the lever rule at the point of intersection with the XSi2-LiSi tie line.
Continued lithiation in stage II results in the displacement of XSi, a more X rich alloy, from
XSi2 and formation of more LiSi. In stage III, Li alloying converts LiSi into Li15Si4 with no
change to XSi. Lithiation is bounded by stage IV since all present phases are in equilibrium
with Li. Therefore, Li alloying is less favorable than Li plating at the electrode. Similar to
stage IV, alloy formulations coincident with the XSi-X4Si-Li (V) and X4Si-X-Li (VI) phase
equilibria are not expected to lithiate.

Extending from the convex hulls and phase diagram, the equilibrium lithiation potentials
for crystalline and amorphous materials are predicted.[161, 41] As a summary, the lithium
chemical potentials are determined for each three-phase equilibria in the crystalline phase
diagram and amorphous convex hull. The Li chemical potentials are then related to the
potential, E, by equation 5.3.

µLi − µ0
Li = neE (5.3)

where µLi is the chemical potential of Li within the lithiated phase, µ0
Li is the reference

chemical potential of BCC Li metal, e is the elementary charge of an electron, and n is the
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moles of Li inserted per mole of the host.
The estimated full stack energy (FSE) density of an 18650 cell is calculated as a more

useful metric to compare an alloy electrode with graphite, with a baseline of 726 W h L−1, as
proposed by Obrovac et al.[20] The FSE density calculation is inversely related to the average
voltage and directly related to the volumetric capacity, such that lower average voltage and
higher volumetric capacity yields a higher FSE.

5.3 Results and Discussion

Activity of Elements

In general, the Li-activity of the pure elements in their amorphous phases tracks with that of
the literature reports derived from calculations of the crystalline phases found on the ICSD
and the Materials Project, as shown in fig. 5.2. Deviations include C, Cu, Mg, Ca, Sr, and
Ru. While the intercalation of Li into graphite is well studied, amorphous carbon is not
as well understood. Dahn et al. estimate a maximum lithiation capacity corresponding to
a-Li0.5C[162] which is enabled by lithiation of short-range graphitic environments. However,
in our calculations, we find no capacity for a-C, which is attributed to the structural dissimi-
larity between our amorphous carbon structure and literature-reported a-C. Contrary to the
disordered amalgamation of graphitic domains, our sampled a-C structures - formed through
the melt-quench workflows - are comprised of layered amorphous graphene-like sheets which
break down into carbon chains upon lithiation. Indeed, it is well-known that amorphous
carbon capacity varies widely, depending on the degree and type of disorder.[163, 164, 165]
It is generally accepted that Cu is inert; in fact, its electrochemical stability with respect
to Li and high electronic conductivity have made it the most common anode current collec-
tors.[3] However, within the Materials Project, a theoretical phase of tetragonal intermetallic
LiCu3 (mp-862658) is found to be stable at low temperatures. In addition, we find that the
formation of amorphous intermetallic Cu-Li alloys to be stable relative to a-Cu and c-Li.
Published Cu-Li phase diagrams observe solubility of Li in Cu at 23 °C, up to Li13Cu87, and
depicts the existence of a Cu2Li3 phase between ∼ 500 K-840 K, although Cu2Li3 is predicted
from temperature dependent EMF measurements, but was not directly observed in DTA or
XRD studies and has, to date, no reported structure in the ICSD.[166] In support of this,
Li interdiffusion with Cu is observed in several studies, however, only a few nanograms were
found to diffuse over 28 days at room temperature. [167] This suggests that alloying reac-
tions between Li and Cu are severely kinetically hindered. From Fig. A.8, A.13, and A.30
we find no form stable amorphous Li-X phases forming with the Alkaline Earth metals (Mg,
Ca, and Sr). Similarly, no stable crystalline Li-Sr phases are found. In contrast, multiple
stable crystalline Li-Mg phases exist and one stable crystalline Li-Ca phase exists, although
its(Li2Ca) formation energy is only 12 eV atom−1. Li-Mg has been demonstrated to alloy
with Li in experiments, however large capacity fade and low rate capability are observed,
primarily attributed to the formation of high impedance surface films. [20] The Li2Ca phase



CHAPTER 5. HIGH-THROUGHPUT INVESTIGATION OF LITHIATION BEHAVIOR
OF BINARY SI ALLOYS 46

Figure 5.2: Periodic table with the predicted active (blue) and inactive elements (red).
Elements in orange form thermodynamically stable crystalline binary Li-X phases, but the
amorphous phases are not predicted to lithiate. The elements in grey were not included in
this study.

is reported in studies, however, the plating of Li metal is observed due to the low lithiation
potentials of Ca.[168] While Obrovac et al. classify Ru as an active element, it is believed
that the storage of Li does not occur through an alloying or intercalation mechanism. [169]
Our calculations support this fact, finding no lithiation for amorphous or crystalline Ru.

A summary of electrochemical characteristics of the active elements are tabulated in table
5.1. Most elements exhibit volumetric capacities 2-3x greater than graphite (850 AhL−1)[2]
and consequently, most alloying strategies are expected to improve on the energy density
of an 18650 full cell, as compared to graphite. Notable exceptions include the Pnictogens
(P, As, Sb), Chalcogens (O, S, Se, Te), and Halogens(F, Cl, Br, I) which exhibit lithiation
potentials in excess of 1.0 V vs Li/Li+ due to the formation of highly stable ionic compounds.
In full cells, these elements would not yield a high potential difference and therefore would
exhibit low energy density, evidenced by the negative full stack energy (FSE) improvement
in table 5.1.

Gaseous elements, such as H2, N2, O2, and F2, are omitted in table 5.1, due to the
lack of a well-defined solid-state reference and the difficulty in reporting derived quantities.
In addition, materials prone to gas formation would require additional considerations to
alleviate internal pressure and cell swelling. These chemistries, while impractical for anode
materials, have been successfully used as cathode materials in systems such as lithium-sulfur
or lithium-air batteries. [170]

Binary and Ternary Si alloy formation

When alloying Si with another component, the ability of the two elements to mix and
form stable binary alloys plays a significant role in the synthesis and performance of a
material. When alloying with elements that form stable Si-X phases, synthesis of a phase-
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Table 5.1: Electrochemical Characteristics for all amorphous active elements

Max
Volume
Expan-
sion
(%)

Average
Voltage
(E)

Specific
Ca-
pacity
(mAhg−1)

Volumetric
Capacity
(AhL−1)

FSE Im-
prove-
ment
(%)

B 210 0.24 2480 1900 37

Al 300 0.089 2980 1880 43

P 250 0.56 3480 2110 27

S 50 1.7 2100 1770 -18

Cu 59 0.12 212 1120 28

Zn 100 0.27 410 1390 29

Ga 150 0.25 770 1710 34

Ge 310 0.25 1480 1940 37

As 180 0.69 1250 1960 21

Se 39 1.7 680 1450 -21

Br -6 3.0 337 759 -73

Rh 310 0.13 781 2130 44

Pd 420 0.26 1010 2110 39

Ag 280 0.16 745 1850 40

Cd 220 0.12 715 1710 39

In 170 0.18 700 1680 36

Sn 260 0.25 1020 1870 36

Sb 190 0.54 880 1790 24

I -15 2.4 212 569 -57

Te 54 1.4 421 1190 -14

Ir 200 0.26 279 1920 37

Pt 390 0.39 553 2150 34

Au 250 0.46 408 1940 29

Tl 200 0.12 525 1770 40

Pb 200 0.19 517 1740 37

Bi 180 0.43 516 1700 28
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Figure 5.3: Periodic table indicating the tendency for elements to form stable alloys or phases
with Si. Elements with repulsive interactions with Si are shaded in blue, while those forming
bonds with Si are filled green.

pure amorphous material may be relatively easy. The elements that do not form stable Si-X
phases are immiscible and will tend to decompose into a composite of two elemental phases.
Multiple thermodynamic and kinetic factors govern the formation of separated phases and
domain size distribution. High interfacial energy will bias towards phase segregation and
promote the formation of distinct Si and X regions while contributions to the free energy
from the mixing entropy will stabilize mixtures. Conversely, low solid state diffusivities may
inhibit the migration of alloy components, preventing structural transformation. Hence, due
to these competing factors, careful modulation of synthesis and processing conditions related
to cooling rate is necessary to control phase segregation. Non-equilibrium methods such as
splat quenching, sputtering, and mechanical milling may form metastable Si alloys with
near homogeneous elemental distributions. An example of this is the tuning of segregation
in Si-Ge alloys through annealing temperature and sputtering time presented by Kim et
al[171].

Alloys of immiscible components with more uniform element dispersions will exhibit an
increased formation energy relative to their composite counterparts. Using the computed
formation energy as a strong indicator of lithiation potential of the host alloy or more stable
lithiated intermediates results, we surmise that the increased formation energy of homoge-
neous alloys will translate to an increased lithiation potential, in particular at early lithiation
stages.

While phase segregation is not ideal, electrodes constructed from these materials have
nevertheless shown improved performance. The formation of nanocomposites of two active
elements via phase segregation during synthesis has shown improved cycling, as compared
to Si, and the homogenization of these materials may even be seen after cycling.[136]

The tendency for elements to form stable amorphous binary alloys, defined by the pres-
ence of at least one composition on the Si-X convex hull, with Si is shown in Fig. 5.3.
Cross-referencing with the Li alloying activity (Fig. 5.2), we find that all inactive alloys
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Figure 5.4: Ternary phase formation with Li and Si. Elements which form stable ternary
phases are colored in blue. Elements forming ternary compounds which all lie above the
convex hull are shaded purple. We note that in some systems with stable ternaries, the
ternaries are stabilized by only <5 meV atom−1. Caution should be exercised in interpreting
this binary categorization, as numerical accuracy or entropy may destabilize the ternaries
with respect to the binary alloys or pure elements.

are found to form stable crystalline Si-X phases. We find parity between the amorphous
and crystalline when considering the Si-X phases, which are stable relative to their pure
amorphous termini, except for C, Na, and K, for which no amorphous Si-X phases lie on
the amorphous hull. In the active elements, we find B, C, and Au to form stable amorphous
binary phases, but not crystalline.

Formation of a binary, however, does not preclude the phase decomposition during cy-
cling. For chemical systems without stable ternaries, Si rich and Si poor regions may form
during the alloy process with Li. Coarsening of these inhomogeneous regions is dependent on
the diffusion kinetics, where fast diffusion will result in more pronounced phase separation.
While Li diffusivity may be system dependent, in Si, diffusion is enhanced with Li alloying,
reducing the barrier to growth of inhomogeneities[41, 80]. While nanocomposite Si-M may
be able to absorb stresses caused by inhomogeneous lithiation, larger regions may strain the
material more, leading to stress induced cracking. In this regard, alloys that form many
thermodynamically favorable ternary phases may be more stable, since they may undergo
less drastic structural reorganization during lithiation and delithiation. Inclusion of all el-
ements into a ternary would limit the separation of X and Si atoms to a few coordination
shells.

Elements with unfavorable Si-X bonding which do not form binary phases do not form
stable ternaries, here defined as a composition that forms a vertex on the amorphous hull.
The energy above hull for these decreases with increased Li(example seen in SI fig S43
and S42, suggesting that Li buffers the repulsive interactions through the formation of Li-
X and Li-Si bonds. The energy above hull is low enough that the entropic contributions
to free energy may be sufficient to stabilize these ternaries near room temperature. At
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room temperature (23 °C) the entropy of mixing, estimated using Boltzmann’s equation,
contributes up to 28 meV atom−1, therefore phases up to 28 meV atom−1 above the hull may
be stable. Conversely, the favorability of Si-X bonds does not guarantee presence of a stable
ternary phase as, for example, twelve of the elements which are miscible with Si do not form
ternaries.

We find that a few elements exhibit a rich chemistry of ternary amorphous phases, in-
cluding Ca, Cu, Ru, Rh, Pd, Ir, and Sr. In these systems, most calculated compositions do
not deviate more than 10 meV atom−1 from the amorphous hull. We expect that these sys-
tems will exhibit featureless voltage curves, since there is no preferential phase/composition.
This is indeed the case for CaSi2, which is reported to have a featureless, sloping voltage
curve.[172] The calculated discrete voltages, seen in fig. A.71, for Ca0.25Si0.75 and Ca0.5Si0.5
show several lithiation voltage steps, each with relatively small capacities and we expect that
- if many more amorphous compositions were sampled - a smooth, sloping lithiation profile
would emerge.

Inactive Alloys

Since all inactive elements are miscible with Si, the main differentiating factor in the evolution
during lithiation is the ability to form ternary alloys. Two representative amorphous hulls
for these two groups of Si/inactive alloy systems are shown in Fig. 5.5 for the Cr-Si and
Fe-Si systems, respectively.

Figure 5.5a is an example of an alloy component which forms binaries with Si, but does
not form favorable amorphous ternary Li-Si-X phases. The two labeled composition ranges
on the Si-Nb line correspond to:

• I-a) At low concentrations of alloyed inactive elements, the early lithiation potential will
match those of Si, forming two phases - a Li-Si binary phase and Si-X phase. Once all
Si has been exhausted, Li-Si phases will lithiate as usual, while the Si-X phase remains
unchanged. When the composition intersects the NbSi2-Li26Si15, lithiation further
displaces more X rich Si-X phases. Lithiation depletes the Si in Si-X, until Nb5Si3 is
reached, where no further lithiation is expected due to the two phase equilibrium with
BCC Li.

• II-a) No lithiation is expected for alloys with composition falling within this range.
Because there are no nodes on the Li-Nb phase equilibrium line, no Nb is not expected
to lithiate. Additionally, these phase equilibrium triangles predict a equilibria with Li,
no capacity is expected since Li plating is more favorable than Li alloying.

the boundary between I-a and II-a varies among the inactive elements as well as for the
amorphous and crystalline materials. Generally, alloying with X z ≥ 50 will yield little to no
capacity and should be avoided. Based on our findings, we do not recommend alloying with
more than 33-40 atom % of these inactive elements, since capacity is significantly penalized
above this composition.
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Figure 5.5: Sample amorphous hulls for Si/inactive alloys depicting chemical systems with a)
no stable ternaries and b) stable ternaries formed. Stable and unstable phases are represented
by green circles and teal diamonds, respectively. Red dashed line in b) is a projection of the
Li-LiFe2Si tie-line and its intersection with the Si-Fe equilibrium is the cutoff between I-b
and II-b
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Figure 5.5b depicts an alloying element for which the of binary and ternary amorphous
phases are predicted to form. The formation of ternaries may be able to extend the range of
alloys with lithiation capacity. In these systems, the lithiation is bounded by the formation
of the ternary Li-Si-X phase rather than a Si-X binary. While inactive components are not
expected to contribute capacity and bind Si active material, the formation of a ternary phase
results in additional Li storage when compared to those which do not form a ternary. In
the case of Fe, the formation of LiFe2Si, additional capacity is observed in Fe rich Si1-zFez
alloys (II-b in fig. 5.5), as some metal is reduced and extruded. Comparing Si-Fe to Si-Nb,
an alloy with composition Nb2Si would not alloy with Li while Fe2Si stores one Li per host
formula unit.

In both phase diagrams in 5.5, it is clear that the alloyed inactive metals do not get
fully reduced and displaced, favoring the formation of intermediate binaries or ternaries,
consuming Si active material. In the case of Nb, Nb5Si3 is formed as an inert matrix and
continued cycling proceeds alloying (and dealloying) of the Li-Si binaries. It is commonly
cited that alloys derived from inactive elements do not actively participate in compound
formation with Li[20, 21] and follow the reaction shown in Eqns 5.4 and 5.5.
First lithiation:

XzSi1−z
Li+−−→
e−

(1−z)LixSi + zX (5.4)

Subsequent cycling:

LixSi + X
Li+←−→
e−

Si + X (5.5)

For an alloy to follow this chemical reaction, its corresponding phase diagram must show an
equilibrium between X, Li, and an Li-Si phase. Thus, the Si-X binary phases must have a
higher formation energy (less stable) than the Li-Si phases. In our calculations, the method-
ology for sampling amorphous configurations provides an upper bound on the formation
energy, where more sampling statistics can only decrease formation energy. Therefore, in
most of the inactive alloy systems, the Li-Si alloys will always be more stable than the Si-X
alloys. Amorphous MnzSi1-z is the only system found, among the amorphous and crystalline
Si-X, to completely extrude Mn metal and is shown in fig. 5.6. In this system, lithiation is
bounded by the Li-M-Li4Si equilibrium with a final lithiation state coincident with the M-
Li4Si tie-line. More accurate chemical reactions to describe most Si/inactive alloy materials
are shown in eqn. 5.6 and 5.7:
First lithiation:

XxSiy
Li+−−→
e−

δLixSi + XxSi(y−δ) (5.6)

Subsequent cycling:

LixSi + XxSi(y−δ)
Li+←−→
e−

Si + XxSi(y−δ) (5.7)

where the inactive element deactivates Si active material through the formation of X rich
binary alloys. Upon delithiation, Si may not quickly re-alloy with the inactive Si-X phase
extruded, due to the sluggish kinetics for Si diffusion. In support of this, Yang et al. reported
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Figure 5.6: Li-Mn-Si phase diagram showing the only system tending to extrude pure metal.
Any MnzSi(1-z) material will intersect the Mn-Li4Si phase equilibrium and displace Mn metal.

electrochemically inactive NiSix nanowires coated with Si which cycled reversibly without
affecting the NiSix core.[173, 174]

Therefore, decreased average voltage seen when alloying inactive elements may be at-
tributed to two contributions. i) Decreased volumetric expansion as proposed by Obrovac
et al.[25] This is similar to the mechanism proposed by Obrovac et al.[117], however the
volumetric expansion is buffered by irreversible XzSi1-z phases rather than X. ii) Electrodes
constructed from materials with higher X concentration than ∼ 33% will bypass early LinSi
(0 ≤ n ≤ 1.5) lithiation stages and start at a lower potential.

Active Alloys

The majority of Si/active systems fall into two groups: 1) elements which are immiscible
with Si and do not form stable ternary phases or 2) elements that are miscible with Si and do
form stable ternary phases. Only a handful of ternary alloy systems fall outside of these two
groups. Ag is the only active element that is immiscible with Si and form stable amorphous
ternaries. Te, I, and Hg are all miscible with Si, but do not form stable amorphous ternaries.
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Figure 5.7: Sample amorphous hulls for Si/active alloys depicting chemical systems which
are a) immiscible and do not form stable ternaries b) miscible and form stable ternaries.
Stable and unstable phases are represented by green circles and teal diamonds, respectively.
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Immiscible alloy components will have a high driving force for phase segregation, espe-
cially those with no ternaries. Thus, those in group 1) will tend to form a nanocomposite
during synthesis, unless kinetics are significantly hindered through high quenching rate or
ball milling. Alloys synthesized through this method may be highly metastable, even relative
to the amorphous hull. These alloys will exhibit an increased lithiation potential during the
first lithiation, along with formation of two distinct lithiation phases (one Li-X and Li-Si).
In subsequent cycling, the two lithiated phases will cycle as expected for each of Li-X and
Li-Si. In some of these alloys, homogeneous lithiated phases lie closer to the hull, where the
entropy may be sufficient to stabilize the alloy near room temperature and phase segregation
may not be observed. The tie-triangles composing the lithiation pathway followed for these
materials always share an edge with Li-Si or Li-X and therefore the lithiation potential is a
composite of the Si and X lithiation potentials. Because alloying with these active elements
does not form irreversible phases, any Si/active alloy composition may be suitable for active
materials. For highest specific capacity, a higher Si content is desirable, while for volumetric
capacity it is element dependent, since some elements have comparable volumetric capacities
to Si.

Materials within group (ii) should theoretically form materials with higher mechanical
stability during cycling. The absence of two distinct phases during lithiation may give rise to
more uniform stress distributions due to uniform lithium distribution. Many precious or rare
elements, such as Pd, Rh, Pt, and Ir, which may not be practical for use in Li-ion batteries
fall under this group. Early lithiation potentials in Pt and Pd based alloys are rather high
(> 0.8 V vs Li/Li+), while Rh and Ir exhibit more useful potentials (∼ 0.55 V vs Li/Li+).
Also in this group are the aforementioned elements which form highly stable compounds with
Li, such O, S, Te, and Sb. While these elements do not have direct utility as anodes, they may
be used in a manner similar to the inactive alloys. During the first lithiation cycle of binary
Si alloys containing these elements, very stable ternary and binary phases will be formed at
high potentials (> 1.0 V vs Li/Li+). These phases will be functionally irreversible phases
and may not actively participate in any reactions and would serve as a buffering matrix to
accommodate stress and decrease volumetric expansion. In the case of SiOx, cycling is found
to form a Li-ion conductive Li4SiO4 phase during lithiation which is not associated with a
large volume expansion[175, 176, 41]. Fast charge transfer at the SiO/electrolyte interface
is also found, signaling that alloying with these high voltage elements may improve the rate
capability of electrodes. Although these phases may be inert within the range of cycling, it is
important to remember that they deplete Li inventory. Given that current cathodes are the
source of Li in newly manufactured batteries, this decreases the effective reversible cathode
capacity, requiring considerations such as a higher ratio of cathode to anode capacity or
prelithiation of the anode.[177, 152] Zhao et al. reported on a LixSi/Li2O composite anode
synthesized through metallurgical prelithiation of SiOx with ∼ 99.87 % coulombic efficiency
over 400 cycles.[62]
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5.4 Conclusion

In summary, we conduct an ab-initio investigation of the thermodynamic impact of alloying
Si with a second component. We find that inactive components do not get fully displaced
to form pure metals as literature reaction mechanisms propose. Instead, stable Si-X phases
are formed which do not lithiate, binding otherwise active Si in an inactive phase which is
detrimental to capacity. This results in higher capacity loss than would be expected for a non-
participating additive. Si/inactive alloys, however, are capable of bypassing higher voltage
Si lithiation stages, thereby decreasing the average potential and increasing energy density.
A subset of Si/active alloys are found to favor phase separation to form nanocomposite
materials which match the lithiation potentials of the individual alloy components. The
remaining Si/active elements will displace stable ionic compounds when reacting with Li,
which are functionally irreversible due to high (de)lithiation potential(≥ 1.0 V vs Li/Li+).
These may be function in a similar manner to inactive phases in Si/inactive alloys, although
they deplete Li inventory rather than Si active material.
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Chapter 6

Conclusion and Further Work

6.1 Conclusion

In this dissertation, an evaluation of the lithiation thermodynamics and electrode character-
istics was presented for amorphous binary alloys between Si and the group 1-17 elements.
We find the Li-alloying capability of the group 1-17 elements to match well with the previ-
ous reports, except for a handful of elements (namely Cu, Mg, Ca, Sr, and Ru). Based on
reactivity to Li, the added elements are partitioned into two groups of active and inactive
elements.

Active elements are not miscible with Si(do not form stable materials with Si), that is,
the resulting Si-X alloy are predicted decompose to form distinct Si and X phases either
during synthesis or during cycling. Therefore, lithiation potentials are expected to be a
composite of the characteristic voltage plateaus for each individual element. This gives
active alloys the ability to tailor the lithiation voltage within a wide range (0 V-3.0 V) by
modulating alloyed element and quantity. We posit that melting temperature is the main
factor in ion mobility, finding Li-diffusivity of these elements to increase as the material
is charged and Li is inserted. In support of this, LixSi, LixSiSn and LixSiO2 decrease in
melting point with alloyed Li, while the Li-diffusivity increases. In contrast, Sn has a low
intrinsic melting temperature, leading to high Li-diffusivity, however Li alloying elevates
melting temperature and slows diffusion. Phase segregation is not necessarily detrimental
to electrode performance, and improved electrode performance is predicted for homogeneous
and heterogeneous mixtures. Additionally, when alloying Si-Sn with Li, the thermodynamic
driving force for phase segregation is decreased. At higher Li content, and accommodating for
entropy and decreased Si-diffusivity at high Li content, decomposition may not be observed
at room temperature.

As inactive added components do not alloy with Li, derivative Si-alloys exhibit decreased
Li storage capacity, however may show an increased energy density when utilized in a full
cell. Inactive components decrease the average lithiation potential by bypassing the initial
lithiation of tetrahedrally coordinated Si in favor of Si chains and agglomerates. Addition-
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ally, a decreased volumetric expansion results in further decreased lithiation potential when
compared to Si. While this effect is beneficial at lower concentrations, the capacity rapidly
decreases as inactive components are alloyed, with a maximum concentration of 33 %.

6.2 Further Work

This dissertation primarily covers alloying-type electrodes based on Si alloy materials, focus-
ing on the structural evolution and thermodynamics during lithiation. There remain many
unanswered questions that would benefit from continued research.

The Li-diffusivity is of great importance to the performance of alloy electrodes in full
cells. High Li-diffusivities are expected to yield electrodes with higher rate performance and
lower overpotentials during charge and discharge, resulting in higher reversible energy den-
sity. Our results show that alloying Si with other elements presents an avenue to modulate
the Li-diffusivity by tailoring the bonding environments encountered by Li and Si. While we
were able to ascertain the Li self-diffusion coefficients for specific Li-Si and Li-Si-Sn alloys,
the computational expense of AIMD simulations prohibited a high-throughput evaluation of
Li-diffusivity. However, machine learned, Deep Neural Network (DNN) interatomic poten-
tials, such as DeePMD[178, 179], have advanced tremendously in recent years, improving
chemical accuracy and decreasing the necessary training data. Machine Learned interatomic
potentials bridge the gap between the accuracy of first-principles molecular dynamics and the
scalability and speed of classical molecular dynamics. Additionally, they eliminate the em-
pirical nature of classical force fields. With the large quantity of AIMD simulations generated
when simulating amorphous structures, Deep Neural Network potentials may be trained for
many chemical systems. This would enable the rapid exploration of Li-diffusivity in the vast
alloy chemical space. Further sampling of quasi-amorphous structures would additionally be
accelerated, although it remains to be seen if these DNN potentials are capable of accurately
extrapolating to higher chemical spaces which may not be represented in the training set.
For example, could a model trained with structures containing 1, 2, or 3 elements accurately
describe quaternary compounds?

While alloying of Si with one component is an effective strategy of tailoring electrode per-
formance, the alloying of multiple components provide additional routes to alter the electro-
chemical behavior of Si anodes. Schnabel et al.[154] reported on an amorphous Al64Si25Mn11

anode exhibiting > 900 mAhg−1. Reduced parasitic electrolyte reduction was found for
this combination of active and inactive components compared to pure Si or Al. The use
of multiple components, especially with multiple inactive components, is a growing area of
research.[20, 21] However, experimental exploration will be slow due to the combinatorial
explosion when considering three or more elements. Therefore, a computational approach
will enable rapid screening of alloy compositions in parallel, especially if the DNN inter-
atomic potentials mentioned above can be leveraged. Combinatorial or robotic synthesis
platforms are increasingly being used and may accelerate the discovery of alloy electrodes.
Leveraging both automated synthesis and computational modeling to guide synthesis efforts
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and validation may significantly reduce the cost and effort required to explore the large alloy
space.

Similar to Si, Sn is a promising electrode material due to its high volumetric capacity
and Li-diffusivity. Aside from metal silicides, Sn-based alloys are perhaps the second most
studied alloy-type electrode.[180, 27, 136] Composite tin-based amorphous electrodes, com-
posed of Sn, Co, and C, have previously been commercialized by Sony in 2005 under the
trademark ”Nexelion,” exhibiting reversible capacities 28% higher than graphite.[180] Given
the higher intrinsic Li-diffusivity and electronic conductivity in Sn, it is clear that Sn has
suitable electrochemical properties, although, like Si, Sn suffers from pulverization stemming
from volumetric expansion. Nanostructuring has increased reversible capacity and extended
cycle life, but repeated cycling leads to particle agglomeration.[181] The use of nanostruc-
tured composite materials and intermetallic alloys is a promising alternative to nanosized
materials. The approach applied in this thesis to Si can be used to evaluate the viability
of Sn-based intermetallics. Slight modification to the methodology may be necessary due to
Sn’s tendency to crystallize during cycling, although intermetallics with more elements may
resist crystallization and phase segregation.[181]
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[79] Erwin Hüger, Lars Dörrer, and Harald Schmidt. “Permeation, Solubility, Diffusion
and Segregation of Lithium in Amorphous Silicon Layers”. In: Chemistry of Mate-
rials 30.10 (2018), pp. 3254–3264. issn: 0897-4756. doi: 10.1021/acs.chemmater.
8b00186. url: http://pubs.acs.org/doi/10.1021/acs.chemmater.8b00186.

[80] Priya Johari, Yue Qi, and Vivek B. Shenoy. “The mixing mechanism during lithi-
ation of Si negative electrode in Li-ion batteries: An Ab initio molecular dynamics
study”. In: Nano Letters 11.12 (2011), pp. 5494–5500. issn: 15306984. doi: 10.1021/
nl203302d.

[81] Zhiguo Wang et al. “Composition Dependence of Lithium Diffusion in Lithium Sili-
cide: A Density Functional Theory Study”. In: ChemElectroChem 2.9 (2015), pp. 1292–
1297. issn: 21960216. doi: 10.1002/celc.201500201.

[82] Georgios A. Tritsaris et al. “Diffusion of lithium in bulk amorphous silicon: A theo-
retical study”. In: Journal of Physical Chemistry C 116.42 (2012), pp. 22212–22216.
issn: 19327447. doi: 10.1021/jp307221q.

[83] Janghyuk Moon et al. “Ab initio and kinetic Monte Carlo simulation study of lithia-
tion in crystalline and amorphous silicon”. In: Journal of Power Sources 272 (2014),
pp. 1010–1017. issn: 03787753. doi: 10.1016/j.jpowsour.2014.09.004.

[84] Xin Yan, Afif Gouissem, and Pradeep Sharma. “Atomistic insights into Li-ion diffu-
sion in amorphous silicon”. In: Mechanics of Materials 91 (2015), pp. 306–312. issn:
01676636. doi: 10.1016/j.mechmat.2015.04.001. url: http://dx.doi.org/10.
1016/j.mechmat.2015.04.001.

[85] Zhi Xu and Jonathan F Stebbins. “Cation Dynamics and Diffusion in Lithium Or-
thosilicate : Two-Dimensional Lithium-6 NMR A”. In: Science 270.5240 (1995), pp. 1332–
1334.

[86] Martin Wilkening and Paul Heitjans. “Extremely slow cation exchange processes in
Li4SiO4 probed directly by two-time 7Li stimulated-echo nuclear magnetic resonance
spectroscopy”. In: Journal of Physics Condensed Matter 18.43 (2006), pp. 9849–9862.
issn: 09538984. doi: 10.1088/0953-8984/18/43/007.
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Appendix A

Supplemental Information for
Chapter 5

A.1 Formation Energies for Li-Si-X alloys

Figure A.1: Formation energy as a function of Li content for select compositions in the H-Li-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.2: Formation energy as a function of Li content for select compositions in the B-Li-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.3: Formation energy as a function of Li content for select compositions in the C-Li-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.4: Formation energy as a function of Li content for select compositions in the Li-N-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.5: Formation energy as a function of Li content for select compositions in the Li-O-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.6: Formation energy as a function of Li content for select compositions in the F-Li-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.7: Formation energy as a function of Li content for select compositions in the Li-Na-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.8: Formation energy as a function of Li content for select compositions in the Li-Mg-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.9: Formation energy as a function of Li content for select compositions in the Al-Li-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.10: Formation energy as a function of Li content for select compositions in the Li-P-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.11: Formation energy as a function of Li content for select compositions in the Li-S-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.12: Formation energy as a function of Li content for select compositions in the K-Li-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.13: Formation energy as a function of Li content for select compositions in the
Ca-Li-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.14: Formation energy as a function of Li content for select compositions in the Li-Sc-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.15: Formation energy as a function of Li content for select compositions in the Li-Si-
Ti chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.16: Formation energy as a function of Li content for select compositions in the Li-Si-
V chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.17: Formation energy as a function of Li content for select compositions in the
Cr-Li-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.18: Formation energy as a function of Li content for select compositions in the
Li-Mn-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.19: Formation energy as a function of Li content for select compositions in the Fe-Li-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.



APPENDIX A. SUPPLEMENTAL INFORMATION FOR CHAPTER 5 87

Figure A.20: Formation energy as a function of Li content for select compositions in the
Co-Li-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.21: Formation energy as a function of Li content for select compositions in the Li-Ni-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.22: Formation energy as a function of Li content for select compositions in the
Cu-Li-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.23: Formation energy as a function of Li content for select compositions in the Li-Si-
Zn chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.



APPENDIX A. SUPPLEMENTAL INFORMATION FOR CHAPTER 5 89

Figure A.24: Formation energy as a function of Li content for select compositions in the
Ga-Li-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.25: Formation energy as a function of Li content for select compositions in the
Ge-Li-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.26: Formation energy as a function of Li content for select compositions in the
As-Li-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.27: Formation energy as a function of Li content for select compositions in the Li-Se-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.28: Formation energy as a function of Li content for select compositions in the
Br-Li-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.29: Formation energy as a function of Li content for select compositions in the
Li-Rb-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.30: Formation energy as a function of Li content for select compositions in the Li-Si-
Sr chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.31: Formation energy as a function of Li content for select compositions in the Li-Si-
Y chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.32: Formation energy as a function of Li content for select compositions in the Li-Si-
Zr chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.33: Formation energy as a function of Li content for select compositions in the
Li-Nb-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.34: Formation energy as a function of Li content for select compositions in the
Li-Mo-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.35: Formation energy as a function of Li content for select compositions in the Li-Si-
Tc chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.36: Formation energy as a function of Li content for select compositions in the
Li-Ru-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.37: Formation energy as a function of Li content for select compositions in the
Li-Rh-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.38: Formation energy as a function of Li content for select compositions in the
Li-Pd-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.39: Formation energy as a function of Li content for select compositions in the
Ag-Li-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.40: Formation energy as a function of Li content for select compositions in the
Cd-Li-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.41: Formation energy as a function of Li content for select compositions in the In-Li-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.42: Formation energy as a function of Li content for select compositions in the Li-Si-
Sn chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.43: Formation energy as a function of Li content for select compositions in the
Li-Sb-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.44: Formation energy as a function of Li content for select compositions in the Li-Si-
Te chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.45: Formation energy as a function of Li content for select compositions in the I-Li-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.46: Formation energy as a function of Li content for select compositions in the
Ba-Li-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.47: Formation energy as a function of Li content for select compositions in the
Hf-Li-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.48: Formation energy as a function of Li content for select compositions in the Li-Si-
Ta chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.49: Formation energy as a function of Li content for select compositions in the Li-Si-
W chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.50: Formation energy as a function of Li content for select compositions in the
Li-Re-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.51: Formation energy as a function of Li content for select compositions in the
Li-Os-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.52: Formation energy as a function of Li content for select compositions in the Ir-Li-
Si chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.53: Formation energy as a function of Li content for select compositions in the
Li-Pt-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.54: Formation energy as a function of Li content for select compositions in the
Au-Li-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.55: Formation energy as a function of Li content for select compositions in the
Hg-Li-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.
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Figure A.56: Formation energy as a function of Li content for select compositions in the Li-Si-
Tl chemical system. Lines represent cross-sectional planes of the amorphous hull. Calculated
amorphous phases, coincident with the cross-sections, are marked with diamonds.

Figure A.57: Formation energy as a function of Li content for select compositions in the
Li-Pb-Si chemical system. Lines represent cross-sectional planes of the amorphous hull.
Calculated amorphous phases, coincident with the cross-sections, are marked with diamonds.
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A.2 Equilibrium Lithiation potentials for Si-X alloys

Figure A.59: Lithiation voltages for select compositions in the H-Li-Si chemical system.

Figure A.60: Lithiation voltages for select compositions in the B-Li-Si chemical system.
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Figure A.61: Lithiation voltages for select compositions in the C-Li-Si chemical system.

Figure A.62: Lithiation voltages for select compositions in the Li-N-Si chemical system.
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Figure A.63: Lithiation voltages for select compositions in the Li-O-Si chemical system.

Figure A.64: Lithiation voltages for select compositions in the F-Li-Si chemical system.
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Figure A.65: Lithiation voltages for select compositions in the Li-Na-Si chemical system.

Figure A.66: Lithiation voltages for select compositions in the Li-Mg-Si chemical system.
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Figure A.67: Lithiation voltages for select compositions in the Al-Li-Si chemical system.

Figure A.68: Lithiation voltages for select compositions in the Li-P-Si chemical system.
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Figure A.69: Lithiation voltages for select compositions in the Li-S-Si chemical system.

Figure A.70: Lithiation voltages for select compositions in the K-Li-Si chemical system.
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Figure A.71: Lithiation voltages for select compositions in the Ca-Li-Si chemical system.

Figure A.72: Lithiation voltages for select compositions in the Li-Sc-Si chemical system.
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Figure A.73: Lithiation voltages for select compositions in the Li-Si-Ti chemical system.

Figure A.74: Lithiation voltages for select compositions in the Li-Si-V chemical system.
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Figure A.75: Lithiation voltages for select compositions in the Cr-Li-Si chemical system.

Figure A.76: Lithiation voltages for select compositions in the Li-Mn-Si chemical system.
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Figure A.77: Lithiation voltages for select compositions in the Fe-Li-Si chemical system.

Figure A.78: Lithiation voltages for select compositions in the Co-Li-Si chemical system.
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Figure A.79: Lithiation voltages for select compositions in the Li-Ni-Si chemical system.

Figure A.80: Lithiation voltages for select compositions in the Cu-Li-Si chemical system.
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Figure A.81: Lithiation voltages for select compositions in the Li-Si-Zn chemical system.

Figure A.82: Lithiation voltages for select compositions in the Ga-Li-Si chemical system.
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Figure A.83: Lithiation voltages for select compositions in the Ge-Li-Si chemical system.

Figure A.84: Lithiation voltages for select compositions in the As-Li-Si chemical system.
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Figure A.85: Lithiation voltages for select compositions in the Li-Se-Si chemical system.

Figure A.86: Lithiation voltages for select compositions in the Br-Li-Si chemical system.



APPENDIX A. SUPPLEMENTAL INFORMATION FOR CHAPTER 5 120

Figure A.87: Lithiation voltages for select compositions in the Li-Rb-Si chemical system.

Figure A.88: Lithiation voltages for select compositions in the Li-Si-Sr chemical system.
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Figure A.89: Lithiation voltages for select compositions in the Li-Si-Y chemical system.

Figure A.90: Lithiation voltages for select compositions in the Li-Si-Zr chemical system.
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Figure A.91: Lithiation voltages for select compositions in the Li-Nb-Si chemical system.

Figure A.92: Lithiation voltages for select compositions in the Li-Mo-Si chemical system.
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Figure A.93: Lithiation voltages for select compositions in the Li-Si-Tc chemical system.

Figure A.94: Lithiation voltages for select compositions in the Li-Ru-Si chemical system.
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Figure A.95: Lithiation voltages for select compositions in the Li-Rh-Si chemical system.

Figure A.96: Lithiation voltages for select compositions in the Li-Pd-Si chemical system.
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Figure A.97: Lithiation voltages for select compositions in the Ag-Li-Si chemical system.

Figure A.98: Lithiation voltages for select compositions in the Cd-Li-Si chemical system.
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Figure A.99: Lithiation voltages for select compositions in the In-Li-Si chemical system.

Figure A.100: Lithiation voltages for select compositions in the Li-Si-Sn chemical system.
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Figure A.101: Lithiation voltages for select compositions in the Li-Sb-Si chemical system.

Figure A.102: Lithiation voltages for select compositions in the Li-Si-Te chemical system.
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Figure A.103: Lithiation voltages for select compositions in the I-Li-Si chemical system.

Figure A.104: Lithiation voltages for select compositions in the Ba-Li-Si chemical system.
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Figure A.105: Lithiation voltages for select compositions in the Hf-Li-Si chemical system.

Figure A.106: Lithiation voltages for select compositions in the Li-Si-Ta chemical system.
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Figure A.107: Lithiation voltages for select compositions in the Li-Si-W chemical system.

Figure A.108: Lithiation voltages for select compositions in the Li-Re-Si chemical system.
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Figure A.109: Lithiation voltages for select compositions in the Li-Os-Si chemical system.

Figure A.110: Lithiation voltages for select compositions in the Ir-Li-Si chemical system.
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Figure A.111: Lithiation voltages for select compositions in the Li-Pt-Si chemical system.

Figure A.112: Lithiation voltages for select compositions in the Au-Li-Si chemical system.



APPENDIX A. SUPPLEMENTAL INFORMATION FOR CHAPTER 5 133

Figure A.113: Lithiation voltages for select compositions in the Hg-Li-Si chemical system.

Figure A.114: Lithiation voltages for select compositions in the Li-Si-Tl chemical system.
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Figure A.115: Lithiation voltages for select compositions in the Li-Pb-Si chemical system.




