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Abstract 

 

Constant stress and stress reduction creep experiments were conducted on several dispersion-

strengthened (DS) alloys, GlidCop Al-15 and Al-60 (Cu-Al2O3), GRCop-84 (Cu-Cr2Nb), and 

FVS0812 (Al-Al13(Fe,V)3Si); and a single phase FCC multi-principal element alloy (MPEA), 

CrMnFeCoNi, to characterize their creep properties and determine their rate-controlling 

deformation mechanisms at elevated temperatures. The analysis involves the measurement of the 

stress exponents and apparent activation energies of creep by constant stress creep experiments, 

and the determination of the operational activation area, constant structure activation energies, 

and microstructural strengths by stress reduction experiments. Thereafter, extensive scanning 

electron microscopy (SEM) and transmission electron microscopy (TEM) characterization of 

creep microstructure was performed for proper interpretation of the mechanical insights. Finally, 

physics-based constitutive equations of creep were established based on the output from the 

creep experiments to describe and predict the creep behavior of these alloys.  

 

The stress exponents and apparent activation energies have previously been measured for DS 

alloys, and their abnormally high values cannot be rationalized by mechanisms that operate in 

metals and alloys without dispersoids, thus indicating the importance of dislocation-particle 

interactions. In the current study, the operational activation areas determined for GlidCop Al-15 

and Al-60, GRCop-84, and FVS0812 revealed their rate-controlling deformation mechanisms to 

be thermally active dislocation detachment from particles, local climb over particles, and 

interdislocation interactions, respectively, which were also supported by corresponding TEM 

characterization. These results indicate that a unified model that describes creep in all DS alloys 
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does not exist, and the respective deformation mechanisms must be well understood in different 

DS alloys and modeled accordingly. 

 

A uniform stress exponent of 3.7±0.1 was determined for CrMnFeCoNi tested at constant 

stresses from 1023 to 1173 K, demonstrating no change of dominating deformation mechanisms 

across all tested stresses. The apparent activation energy turned out to be lower than that of self- 

diffusion for all five elements in the high entropy matrix and decrease with increasing stress, 

revealing a stress-assisted, thermally activated behavior. Electron backscatter diffraction (EBSD) 

and TEM characterization showed no subgrain boundary formation during steady-state creep 

deformation in CrMnFeCoNi. Instead, the dislocation substructure features high-density arrays 

of curved and entangled dislocations, illustrating combined control of forest dislocations and 

concentrated solid solution. These mechanisms were quantitatively verified by the stress 

reduction creep experiments conducted at 1073 K. The measured activation areas were 

quantitatively separated by a Haasen plot, and their respective values are appropriate for the two 

determined mechanisms. The elevated-temperature deformation mode in CrMnFeCoNi appears 

to be the same as that at room and cryogenic temperatures, suggesting the possibility of a unified 

framework to describe plastic deformation in this MPEA from cryogenic to elevated 

temperatures.
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Chapter 1 Introduction 

 

The recent development of deformation-resistant, damage-tolerant structural materials has 

highlighted the importance of incorporating synergistic hardening routes to achieve exceptional 

mechanical properties [1-4]. An incomplete list of currently known hardening mechanisms 

includes grain boundary strengthening, strain hardening, deformation twin boundary 

strengthening, martensitic transformation, solid solution hardening, precipitation hardening, and 

dispersion strengthening. Among the above mechanisms, solid solution hardening and dispersion 

strengthening are of central importance for materials serving at extremely high temperatures 

because they remain reliable regardless of the increasingly active recovery/diffusion and phase 

dissolution effects that disable most of the other hardening methods. Therefore, the future 

development of engineering materials operating under extreme creep conditions is foreseen to 

pursue an optimal synergy between these two hardening mechanisms. In order to achieve this 

goal, a thorough understanding of the fundamental deformation mechanisms and a quantitative 

description of their respective contributions to creep strength must be established.  

 

Dispersion-strengthened (DS) alloys are characterized by a fine distribution of refractory 

particles that hinders the propagation of dislocations during plastic deformation and thereby 

significantly increase the strength of the matrix material at creep temperatures. Over history, the 

creep behavior of DS alloys has been modeled using a variety of approaches starting from simple 

phenomenological models that involve extensive data fitting to physics-based models that focus 

on the kinetics of the rate-controlling process(es) [5-7]. Specifically, detailed descriptions of 
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dislocation-particle interactions at elevated temperatures, including dislocation local climb and 

general climb over the particles [8-17], thermally activated dislocation detachment from 

attractive particle/matrix interfaces [18, 19], along with the effects of diffusive particle/matrix 

interface [20-22] and particle-induced internal stress [17, 23, 24], were established and applied to 

construct physics-based constitutive creep models with overall success. However, these models 

have been applied interchangeably to a wide variety of DS alloys, and typically, the model 

selection is only based on the knowledge of the size and volume fraction of the dispersoids, the 

nature of the particle-matrix interface, and limited ex-situ TEM evidence that shows dislocation-

particle interactions. Difficulty often arises when the selected model fails due to the fact that the 

hypothesized subprocess is not actually rate-controlling. Furthermore, there is little connection 

between the different models resulting in seemingly isolated approaches. Therefore, it is highly 

desirable to conduct a detailed mechanistic study on the DS alloys that integrates mechanical and 

microscopic information into quantitative physical insights of the rate-controlling deformation 

mechanism(s), which will eventually lead to a comprehensive model that unites current theories. 

 

Recently, the development of high-entropy alloys (HEAs) and medium-entropy alloys (MEAs), 

together also known as multi-principal element alloys (MPEAs), provides vast opportunities to 

design new alloys with desirable mechanical properties that can meet the challenges of serving 

under extreme creep conditions. This new class of alloys is featured by a composition consisting 

of at least three principal elements (> 10 at. %), thereby standing as a concentrated solid solution. 

A primary example class among all MPEAs is the CrCoNi-based single phase FCC alloys that 

have been shown to possess superior oxidation and corrosion resistance and excellent cryogenic 

and room temperature strength and ductility [1, 25, 26]. Due to their increased capacity for solid 
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solution hardening, these MPEAs are endowed with great potential to replace pure metals and 

conventional alloys as the new matrix material to develop MPEA-based DS alloys and 

superalloys with enhanced creep resistance compared to current DS alloys and Ni-based 

superalloys. In fact, prototypes of high entropy superalloys [27] and DS-MPEAs [28] have been 

developed, displaying promising high temperature strength and ductility. However, creep and 

high temperature tensile or nanoindentation data for MPEAs are generally lacking to date, and 

dedicated mechanistic studies are completely nonexistent. It is therefore of immediate research 

interest to understand the creep properties and deformation mechanisms of the matrix MPEA 

before any physics-based model for high entropy superalloys and DS-MPEAs can be 

constructed. 

 

The overarching goal of this dissertation is to systematically investigate the creep behavior and 

deformation mechanisms in two material systems: (i) conventional DS alloys with FCC metal or 

dilute alloy matrix; and (ii) FCC MPEAs using a combination of standard constant stress creep 

tests, mechanism-probing constant structure creep experiments, and extensive microstructural 

characterization. The seemingly separated studies on these two types of materials are in fact 

deeply interconnected in both scientific and engineering aspects (i.e., shared theoretical 

framework for dislocation glide and shared information to guide the design of the same target 

material) and are expected to provide important insights into the development of DS-MPEAs.  

 

The results of this dissertation are separated into five self-contained chapters which have also 

been published or submitted to in scientific journals, and an overview of the following chapters 

is provided as follows: Chapter 2-4 provides the characterization of creep properties and 
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quantitative analysis of dislocation kinetics across a broad spectrum of DS-alloys with various 

natures of particle/matrix interface, particle size and distribution, and particle volume fraction. 

Chapter 2 describes a study of the creep mechanism of thermally activated dislocation 

detachment from particles in a model DS alloy with incoherent interface and low particle volume 

fraction, GlidCop (Cu-Al2O3), and an improved version of the customary Rösler-Arzt model by 

including the insights from constant structure creep experiments. This study is in collaboration 

with Dr. Stuart Broyles as a part of the steady-state creep and stress reduction creep data was 

originally measured by him as a part of his dissertation [29]; Chapter 3 extends the study to 

another DS-Cu alloy also with incoherent interfaces, GRCop-84 (Cu-Cr2Nb), but with a higher 

particle volume fraction and a larger particle size; Chapter 4 examines a DS-Al alloy with 

coherent interface and much higher particle volume fraction, FVS0812 (Al-Al13(Fe,V)3Si), 

highlighting the difference in creep mechanisms from the prior DS-alloys caused by the 

difference in the nature of the particle/matrix interface and particle volume fraction. This study is 

in collaboration with Robert Lewis as the steady-state creep and stress reduction creep data were 

originally measured by him as a part of his thesis [30]; Chapters 5 and 6 constitute a complete 

study of the creep properties, creep microstructure, and deformation mechanisms of an FCC 

MPEA, CrMnFeCoNi. This specific variant in the CrCoNi family was selected because it is the 

most widely studied MPEA to date, allowing a detailed comparison of its elevated-temperature 

deformation behavior with its well-known room and low-temperature properties. Chapter 5 gives 

the basic creep information and steady-state creep microstructure; and Chapter 6 provides a 

comprehensive mechanistic study on CrMnFeCoNi, revealing its rate-controlling deformation 

modes at elevated temperatures. Finally, all raw creep data presented in this dissertation are 

tabulated in the Appendix.  
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Chapter 2 An Improved Description of Creep in Dispersion-Strengthened 

Metals1 

 

2.1 Introduction 

The Rösler-Arzt (RA) model established in the late 1980’s and early 1990’s represents a 

significant advancement towards understanding the deformation mechanisms of dispersion-

strengthened (DS) alloys and quantitatively predicting the steady-state creep rates of those 

materials [1]. This physics-based model recognizes thermally activated dislocation detachment 

from particles as the rate-controlling process of creep deformation at elevated temperatures when 

the relaxation energy for dislocations at the incoherent particle/matrix interface is sufficiently 

high. It gives the steady-state creep rate (as tensile strain rate), 𝜖𝑆̇𝑆, in the following form: 

 𝜖𝑆̇𝑆 =
6𝐷𝑣𝜆𝜌

𝑀𝑏
𝑒𝑥𝑝 [−

𝜇𝑏2𝑟

𝑘𝐵𝑇
(1 − 𝑘)3/2 (1 −

𝜎

𝜎𝐷
)
3/2

] (2.1) 

 

where 𝑀 is the Taylor factor of the material, 𝐷𝑣 is the lattice vacancy diffusion coefficient, 𝜆 is 

the half interparticle spacing, 𝜌 is the dislocation density, 𝑏 is the Burgers vector, 𝜇 is the shear 

modulus, 𝑟 is the particle radius, 𝑘𝐵 is the Boltzmann factor, 𝑇 is the temperature, 𝑘 is an 

interaction parameter that describes the extent of relaxation of dislocation line energy at the 

particle/matrix interface, 𝜎 is the applied stress, and 𝜎𝐷 is the athermal detachment stress, which 

is essentially the strength of the material at 0 K. Because the dislocations must climb over the 

particles and reach the departure side prior to detachment, the RA model is only applicable when 

the detachment process is slower than the climb process, which translates to conditions of 𝑘 < 
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0.94 assuming a uniform distribution of particles [1]. In practice, 𝜎𝐷 can be experimentally 

determined by: 

 
𝜎

𝜎𝐷
= (

3(𝑄𝑎𝑝𝑝 − 𝑄𝑐)

2𝑅𝑇 ⋅ 𝑛𝑎𝑝𝑝 (1 −
𝜕𝜇
𝜕𝑇

⋅
𝑇
𝜇)

+ 1)

−1

 (2.2) 

                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                            

where 𝑄𝑐 is the activation energy for creep in pure metal matrix, 𝑅 is the ideal gas constant, and 

𝑛𝑎𝑝𝑝 and 𝑄𝑎𝑝𝑝 are the apparent stress exponent and activation energy derived from the power-

law model of creep deformation [2]: 

 𝜖𝑆̇𝑆 = 𝐴𝜎𝑛𝑎𝑝𝑝𝑒𝑥𝑝 (−
𝑄𝑎𝑝𝑝

𝑅𝑇
) (2.3) 

 

in which 𝐴 is a constant. Similarly, 𝑘 can be determined from: 

 𝑘 = 1 − (
2𝑘𝐵𝑇

3𝜇𝑏2𝑟
⋅

𝑛𝑎𝑝𝑝

(1 −
𝜎
𝜎𝐷

)
1/2

(
𝜎
𝜎𝐷

)

)

2/3

 (2.4) 

 

The RA model has been successfully applied to various DS alloy systems (e.g. Al, Fe, Cu) over 

the years [3-5] and is regarded as an appropriate alternative to the traditional phenomenological 

power-law model (Eqn. 2.3) in describing the creep behavior of DS alloys, as the latter gives 

abnormally high stress exponents and activation energies that are difficult to rationalize [6]. 

However, it is important to realize that the RA model has several critical limitations that have 

left room for refinement. A few studies critically assessed the application of the RA model to DS 

alloys [7-9], and several issues were identified: i) 𝑘 plays a critical role in the RA model, but it 
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cannot be theoretically predicted; ii) both 𝜖𝑆̇𝑆 and 𝑘 are highly sensitive to the value of 𝑄𝑎𝑝𝑝 

based on Eqns. 2.1-2.4, but that parameter varies substantially with the number of available data 

points and the way it is determined (e.g. by an Arrhenius plot at a constant stress across all 

temperatures, or across only two closely spaced isotherms); and iii) the dislocation density 𝜌 is 

assumed to be a constant under different stresses at a certain temperature, which is not a good 

assumption, and the fitted values of this parameter are often unreasonably large. The arguments 

listed above primarily focus on practical issues during application of the model. However, there 

are also more general drawbacks that originate from the basic assumptions that the model 

incorporates: i) the RA model cannot explain the threshold behavior that is often observed in 

dispersion-strengthened alloys as noted originally by Rösler and Arzt [1], and it actually predicts 

the opposite trend of too-high creep rates at low stresses (𝜎𝐷 should not be confused with the true 

threshold stress, see Ref. [10]); and ii) the RA model ignores dislocation-dislocation interactions, 

even though the dislocation detachment process is also likely to be influenced by the presence of 

other nearby dislocations.  

 

The deficiencies listed above can be mitigated by including an additional experimental method 

that is able to produce an independent set of data to refine the RA model, namely, constant 

structure creep tests. The rationale and merits of this method are described in detail in Section 2. 

Through these tests, the transient response of the material to the sudden stress reduction provides 

additional information apart from the steady-state creep rates corresponding to the initial and 

reduced stresses. The goal of the present work was to use such stress reduction tests to refine the 

original RA model by incorporating these new observations. The materials chosen for this 

investigation were GlidCop Al-15 and Al-60, in which the pure copper matrix is strengthened by 
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fine cubic γ-Al2O3 particles of 0.7 and 2.7 vol. %, respectively [11]. Our motivation for choosing 

these alloys is that they represent the ideal case for application of the RA model: a pure metal 

matrix with a single dispersoid type. Further, the steady-state creep behavior and RA model fit 

results for this very type of DS alloy were partially described in our previous study [5], and the 

necessary microstructural parameters (e.g. grain size, particle size, particle spacing) are also 

available in literature [12-14]. In a recent paper [15] we have shown that grain size and texture 

have a very limited influence on the creep behavior of GlidCop. Therefore, the contributions 

from these two factors are not considered in this investigation. Still, multiple forms of GlidCop 

need to be included to thoroughly examine the effects caused by particle/matrix interface, 

particle size and particle spacing. Earlier research [11] suggests that long-term annealing of 

extruded GlidCop facilitates the transformation of Al2O3 particles to 9Al2O3-B2O3 that results in 

an interface with a lower 𝑘 value, whereas the particle size and spacing remain about the same. 

On the other hand, larger particles and interparticle spacing are present for GlidCop Al-60 than 

in Al-15 because of the larger fraction of Al atoms. Therefore, three versions of GlidCop were 

tested and are compared to each other in the present study: as-received extruded Al-15 (Al-15 

AR), annealed Al-15 (Al-15 AN) and as-received extruded Al-60 (Al-60 AR). 

 

2.2 Theoretical Background 

The theoretical basis for understanding stress reduction creep tests is the thermally-activated 

dislocation glide model described by Kocks, Argon and Ashby [16]: 

𝜖̇ = 𝜖0̇𝑒𝑥𝑝 (−
Δ𝐺

𝑅𝑇
) = 𝑓(σ, 𝑇, 𝜎̂𝑖) (2.5) 
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where 𝜖0̇ is a constant, and Δ𝐺 is the free energy of thermal activation. Eqn. 2.5 indicates that the 

strain rate is determined by the thermal release of glide dislocations from obstacles and is a 

function of the applied stress, temperature, and the current microstructural strength of the 

material which is described by i structure parameters 𝜎̂𝑖 (e.g. dislocation density, subgrain size, 

particle size and spacing, etc.). Therefore, the microstructure of the material can be mechanically 

probed by changing 𝜎 and recording the response of 𝜖̇ while holding 𝑇 and 𝜎̂𝑖 constant. This 

experimental approach is based on the assumption that the microstructural elements of interest 

remain unaltered before and after the stress reduction in a short time interval to exclude any 

change in strain rate associated with the evolution of the microstructure. Although truly keeping 

every aspect of the internal structure constant is idealistic, this assumption is widely validated by 

various studies [17-21] through the continuing effort to improve strain and time resolution in 

experimental setups so that data acquisition is much faster than microstructural rearrangement. 

Thus, such tests are termed “constant structure creep tests” in these studies. The creep curve in 

the stress reduction transient is characterized by a constant structure creep rate, 𝜖𝐶̇, which gives 

the rate of deformation under the reduced stress but with the microstructure developed by the 

initial stress. One of the most important parameters that can be determined in this type of test is 

the operational activation area for dislocation glide: 

𝛥𝑎′′ =
𝑀𝑘𝐵𝑇

𝑏
⋅
𝜕𝑙𝑛𝜖𝐶̇

𝜕𝜎
|
𝑇,𝜎̂𝑖

 (2.6) 

 

The physical meaning of the operational activation area and its difference compared to the true 

activation area, Δ𝑎*, and apparent activation area, 𝛥𝑎′, are discussed in detail in Ref. [16], and 

therefore not elaborated on here. 𝛥𝑎′′ reflects the length scale of the dislocation segments pinned 
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between two neighboring rate-controlling obstacles, and thus is very helpful in identifying the 

dominant rate controlling obstacle(s). It takes the value of 1~10 𝑏2 for lattice friction [22], 100 

𝑏2  for dilute solid solution hardening [23], and approximately 100 - 1000 𝑏2 and proportional to 

forest dislocation spacing for dislocation hardening [24]. However,  𝛥𝑎′′ has not yet been 

documented for oxide dispersion strengthened (ODS) copper, and thus one goal of the present 

work is to determine the activation area involved in the dislocation detachment process. 

 

The Gibbs free energy of activation, Δ𝐺, in Eqn. 2.5 can be described by a phenomenological 

model [16]: 

𝛥𝐺 = 𝛥𝐹 [1 − (
𝜎

𝜎̂
)
𝑝

]
𝑞

 (2.7) 

 

where 𝜎̂ is the maximum glide resistance provided by the microstructure, which can be also 

interpreted as the flow stress at 0 K. Δ𝐹 = Δ𝐺 + 𝜏𝑏Δ𝑎′′ = Δ𝐺 + 𝜎/𝑀 ⋅ 𝑏Δ𝑎′′ is the Helmholtz 

free energy of thermal activation which consists of the sum of the free energy of activation and 

the work done by the external stress. In Eqn. 2.7, 𝑝 describes the range and 𝑞 describes the 

strength of the thermal barrier. The determination of the thermal activation parameters given 

above is discussed in detail in the results and discussion section of this paper. It is also important 

to note that Δ𝐺 is a more fundamental parameter than 𝑄𝑎𝑝𝑝 because it is determined at constant 

structure, whereas 𝑄𝑎𝑝𝑝 is obtained across various steady-state strain rates that have different 

microstructures.  
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2.3 Experimental 

2.3.1 Materials and Creep Sample Preparation 

Extruded GlidCop Al-15 (C15715) and GlidCop Al-60 (C15760) with low oxygen content were 

provided by SCM Metal Products (now North American Höganäs) and the nominal chemical 

compositions are shown in Table 2-1. All aluminum atoms were internally oxidized to Al2O3 

particles and the remaining oxygen atoms are limited by the addition of boron. Detailed 

microstructural studies of the as-received materials were provided elsewhere [5, 12, 14], and 

only relevant microstructural parameters are tabulated in Table 2-1. Electro-discharge machining 

(EDM) was used to machine flat tensile specimens from the stock with a nominal gauge length 

of 20.32 mm, gauge width of 2.54 mm and a thickness of 0.762 mm for Al-15 AR and Al-15 

AN, and 0.635 mm for Al-60 AR. The samples were then mechanically polished to a 600-grit 

finish to ameliorate effects caused by surface asperities. Several Al-15 AR specimens were 

annealed for 100 hours at 1273 K under a vacuum level at or below 5 × 10-4 Pa to produce the 

Al-15 AN specimens. 

 

Table 2-1.  Chemical composition and particle dimensions of GlidCop Al-15 and Al-60. 

Alloy 
Cu 

(wt. %) 

Al (wt. %) 

[11] 

B (wt. %) 

[11] 

Al2O3 content 

(vol. %) [11] 

Particle diameter 

(nm) [5, 9] 

Particle 

spacing (nm) 

[5] 

Al-15 Balance 0.15 0.015 0.7 5 86.5 

Al-60 Balance 0.60 0.015 2.7 10 88.1 

 

2.3.2 Creep Testing Procedures 

The creep testing equipment and procedures used in this study are the same as those used in our 

previous steady-state and constant structure creep studies [15, 19, 20]. Creep experiments were 
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carried out in vacuum and at constant true stress by using an Andrade-Chalmers lever arm [25] 

except for one abrupt stress reduction during the creep test for each sample. The creep specimens 

were first loaded to the initial stress 𝜎𝑖𝑛 which would then produce the steady state creep rate of 

𝜖𝐴̇. Here we use the notation of Gibeling and Biberger [18] to describe the different creep rates 

before and after the stress reduction. A stress reduction was then initiated by manually removing 

part of the load from the arm. The constant structure creep rate 𝜖𝐶̇ was calculated by a least 

squares linear regression of the strain-time data after the stress reduction. The samples were 

subsequently allowed to deform under the reduced stress 𝜎𝑟𝑒𝑑 to a new steady state with creep 

rate 𝜖𝐷̇. The initial and reduced stresses used in the creep tests are listed in Table 2-2. Finally, 

the samples were furnace cooled to room temperature under stress. 

 

Significant improvement of strain measurement and data acquisition compared to previous work 

was achieved in this study. A custom quartz tube and rod assembly was used to attach a LVDT 

to the specimen to measure strain directly at the specimen [15]. The strain was measured by a 

Schaevitz 250 MHR linear variable differential transformer (LVDT), whose signal was then 

conditioned by a 3230 Daytronics signal conditioner. The strain transient was recorded by an 

improved data acquisition system consisting of two Hewlett-Packard 3457A digital voltmeters 

(DVMs) and a Keithley-Metrabyte CTM-05 counter/timer card. The range of the output LVDT 

signal was tuned to be identical to the range of the DVMs at ±3V (thus providing full 6.5-digit 

voltage resolution). In addition, the inclusion of a CTM-05 card to trigger voltmeter readings and 

measure time improved the time resolution and isolated the time sampling process to eliminate 

the possible lag generated by the test software calling the internal computer clock for time 

information. Those efforts yielded a maximum strain resolution of 8 × 10-8, a time resolution of 1 
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μs, and a maximum data acquisition rate of 66.7 Hz. The new system provided better strain and 

time resolutions compared to other systems described in literature at 5 × 10-7-1 × 10-6 and 25-55 

ms, respectively [17, 19, 21]. In practice, the accuracy of any measurements (including those in 

the literature) will be lower than these resolution levels due to systematic and random errors, but 

efforts were made to minimize the former and account for the latter in the data analysis. For 

example, the extensometer assembly was carefully balanced by a counterweight on the opposite 

side of the specimen to ensure that no systematic bending strains were introduced. 

 

Table 2-2 Initial and reduced stresses selected for stress reduction creep tests. Each sample was 

subjected only to one stress reduction. 

Material 𝜎𝑖𝑛 (MPa) 𝜎𝑟𝑒𝑑 (MPa) 

Al-15 AR 70 50, 40, 28, 20 

Al-15 AN 70 55, 50, 45, 40, 35, 30 

Al-60 AR 70 60, 55, 50, 45, 40 

Al-60 AR 80 60, 50, 40 

Al-60 AR 60 50, 45 

 

2.4 Results and Discussion 

2.4.1 Steady-state Creep Behavior 

We have previously described the steady-state creep behavior of Al-15 AR and Al-15 AN in 

detail, including critically reviewing the RA model and threshold stress model fits for both 

materials [15].  In the latter, 𝜖𝑆̇𝑆 = 𝐴′(𝜎 − 𝜎𝑡ℎ)𝑛𝑎𝑝𝑝
′

, where 𝐴′ is a constant, 𝜎𝑡ℎ is the threshold 

stress and 𝑛𝑎𝑝𝑝
′  is the new stress exponent. Similar procedures were employed for Al-60 AR in 

this study using the data analysis software OriginLab. The steady-state creep data and various 

model fits are shown in Fig. 2-1 and the fitting parameters are given in Table 2-3. As noted 
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earlier, two types of steady-state creep rates are present: those which correspond to the initial 

applied stress, 𝜖𝐴̇, and those corresponding to the reduced stress, 𝜖𝐷̇. No distinction was made in 

data fitting between the two strain rates since they appear to overlap with each other. As 

mentioned above, the RA model cannot describe the true threshold so that the data points that 

indicate threshold behavior (below the horizontal dashed line in Fig. 2-1) were omitted when 

fitting the model. The RA model gives a good representation of the data outside of the threshold 

regime. The threshold stress model also provides a moderately good description of creep for 

GlidCop, although it is purely phenomenological and lacks a coherent physical interpretation. In 

general, GlidCop Al-60 shows superior creep resistance compared to Al-15 as expected because 

a greater volume fraction of Al2O3 particles is present to impede dislocation motion.   

 

Table 2-3 The values of the fitting parameters that describe the stress dependence of the steady-state 

creep rate of Al-15 AR, Al-15 AN and Al-60 AR at 973 K using the power-law model, threshold stress 

model and Rösler-Arzt model.  

Model Power-law Threshold stress Rösler-Arzt model 

Material 𝑛𝑎𝑝𝑝 𝑛𝑎𝑝𝑝
′  𝜎𝑡ℎ (MPa) 𝑘 𝜎𝐷 (MPa) 

Al-15 AR [5] 10.7 5.6 20.0 0.915 130.5 

Al-15 AN [15] 14.8 7.1 23.3 0.894 160.3 

Al-60 AR (this study) 12.3 6.4 31.0 0.918 213.3 

 

2.4.2 Stress Reduction Transient Creep behavior 

Fig. 2-2 shows example strain transients of Al-15 AN at a small stress reduction from 70 MPa to 

50 MPa and a large stress reduction from 70 MPa to 30 MPa. Metallic materials experience an 

anelastic backflow following a stress reduction during creep, which is increasingly important 

when the stress reduction is large [26]. Such behavior can greatly affect the determination of 𝜖𝐶̇ 

because the measured creep rate is in fact the difference between the forward creep rate resulted 
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from the applied stress and the backward creep rate resulted from the backflow. Therefore, only 

after the anelastic backflow has been carefully examined will the determination of  𝜖𝐶̇ be 

reliable. For a small stress reduction given by Fig. 2-2a, only instantaneous elastic contraction 

and fast anelastic contraction were observed before constant structure creep was reached. The 

instantaneous elastic strain was calculated by 
𝜎𝑖𝑛−𝜎𝑟𝑒𝑑

𝐸
, where 𝐸 = 81.9 GPa is the elastic 

modulus of the Cu matrix at 973 K [27]. For a large stress reduction depicted by Fig. 2-2b, the 

decay of anelastic contraction is considerably slower so that a transition exists before constant 

structure creep. The same behavior has been widely observed in pure metals [26, 28, 29], where 

the fast anelastic backflow is attributed to the reverse motion of dislocations in the subgrain 

interior, and the slower anelastic backflow is related to the relaxation of the subgrain walls. This 

explanation can be extrapolated to GlidCop, in which well-defined subgrains have been observed 

to form during creep [5, 15, 30], and the reverse motion of the dislocations on the approach side 

of the particles is able to account for the fast backflow. As a result, 𝜖𝐶̇ must be chosen as the 

local maximum creep rate after anelasticity has been exhausted.   



 

 

17 

 

Fig. 2-1 Double Logarithmic plot of steady-state creep rate versus true applied stress for GlidCop Al-15 AR 

[5], Al-15 AN [15] and Al-60 AR. The solid symbols represent the steady-state creep rates corresponding to 

the initial applied stress and the open symbols are for those which correspond to the reduced stress. The 

solid lines represent the RA model and dashed lines are the threshold stress model fits to the steady-state 

creep data.  
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Fig. 2-2 Example creep curves of Al-15 AN at the stress reduction transients (a) from 70 MPa to 50 MPa 

and (b) from 70 MPa to 30 MPa. The curves were shifted both vertically and horizontally such that the 

minimum strain is now zero strain and the point of stress reduction is now zero time. The dashed line 

delineates the extension of the constant structure region of the creep curve to illustrate how 𝜖𝐶̇ was 

determined. These stress reduction transients are qualitatively representative for all Al-15 AR, Al-15 AN 

and Al-60 AR specimens tested at small and large stress reductions. 
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From Fig. 2-2, another important observation is that the constant structure creep rate 𝜖𝐶̇ 

decreases to the subsequent steady-state creep rate 𝜖𝐷̇ for both small and large stress reductions. 

This observation is consistent across all stresses tested for all materials, and an example for Al-

15 AN is given in Fig. 2-3, where the constant structure creep rates are always greater than the 

corresponding steady-state values. There are two possible explanations of the creep rate decrease 

following a stress reduction: the first one is the so-called “anomalous creep” such as that 

observed in pure Al, where extra forward strain can be created by dynamic recovery [31, 32]. 

However, such behavior was only observed at very large stress reductions for pure Al (~70%, i.e. 

𝜎𝑟𝑒𝑑

𝜎𝑖𝑛
 = 30%), but the observation of constant structure rates greater than the new steady state was 

consistent for all stress reductions in our experiments, including very small ones of ~15%. 

Furthermore, the “anomalous” rates decreased to the constant structure rates in pure Al, then 

increased again to steady state due to subgrain coarsening (three stages of forward creep in the 

transient). This observation differs from the present results for DS-Cu. Recently, Sun, et al. [33] 

reported a monotonically decreasing trend for creep rates of nanocrystalline Ni after stress 

reduction, which is related to grain boundary recovery mechanisms. This trend even holds at 

small stress reductions due to the absence of subgrains. However, subgrains readily form in 

GlidCop and the grain size is well beyond the nanocrystalline regime. Therefore, it is more likely 

that the strain transient of GlidCop resembles the inverted transient behavior observed in class A 

alloys, where the decrease of the mobile dislocation density causes the reduction of creep rate 

[17, 34]. However, GlidCop does not match the characteristics of a class A alloy in other aspects. 

For example, the formation of subgrain boundaries in class A alloys is limited, but in GlidCop 

they form readily. In addition, GlidCop exhibits normal primary creep [15] (creep rate decreases 

to steady state upon initial loading), which is the opposite of the inverted primary that class A 
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alloys normally show [17, 32, 35, 36]. The normal primary creep behavior typically observed in 

pure metals and class M alloys is associated with subgrain formation and refinement [19, 20], 

which can be considered to be a hard microstructure. 
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Fig. 2-3 Double logarithmic plot of both constant structure and steady-state creep rates versus true applied 

stress for GlidCop Al-15 AN. The black arrow indicates the initial stress before stress reduction. The solid 

line is a linear fit of the steady state data. 
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The findings in this study suggest that the ODS GlidCop alloys may exhibit behavior similar to 

that of pure metals or class M alloys (a normal primary and subgrain boundary formation) and 

other behavior similar to that of class A alloys (inverted transients with constant structure creep 

rates greater than the corresponding steady state rates) even though there are no solutes 

controlling deformation. Thus, GlidCop cannot be categorized by either type. Instead, strong 

evidence of dislocation particle interaction was revealed in various previous studies [5, 11, 14], 

and the contribution of the particles needs to be taken into account. A possible explanation is 

provided as follows: the normal primary creep is an indication that the mobile dislocation density 

decreases after loading, which can be rationalized by both the refinement of subgrains and a 

pinning effect as dislocations become blocked by the particles. In contrast, the inverted transient 

creep behavior can be explained from the viewpoint of the dislocation detachment model. If 

dislocation detachment is the rate determining process, it is reasonable to assume that the 

dislocations between the particles are stuck behind the dislocation on the departure side of the 

particle and are waiting for it to detach. Such a dislocation configuration exerts a forward 

internal stress on the critical dislocation on the departure side of the particle that governs the 

deformation rate. One possibility for the decreasing creep rate during the transient is therefore 

the decay of the forward stress after the stress reduction when the density of the dislocations 

between the particles diminishes and the spacing between these dislocations and the critical 

dislocation increases. This interpretation relies on the existence of a forward stress originating 

from the dislocation-dislocation interactions near particles that aids dislocation detachment, 

which is described in more detail in Section 4.3. Another important point is that the time 

required for GlidCop to reach the new steady state following a stress reduction scales from a few 

seconds to several minutes, which is much faster than pure metals that require hours or even days 
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at similar strain rates [26]. This observation suggests that the dislocations that affect the 

deformation rate during constant structure creep of ODS Cu have more freedom to move and can 

annihilate more quickly compared to those in pure metals that form severely entangled 

dislocation forests and subgrain structures. Such behavior is consistent with our hypothesized 

dislocation configuration because the free dislocations between the particles can climb and 

annihilate by combining with those which have opposite signs in a relatively short time as 

opposed to the coarsening of dislocation networks and subgrains in pure metals which takes a 

significantly longer time.  

 

2.4.3 Thermally Activated Dislocation Glide Analysis 

A quantitative description of the constant structure creep data obtained from the stress reduction 

tests described in Section 4.2 cannot be provided by the RA model that only describes the 

steady-state strain rates. Rather, a more fundamental treatment is required to first identify the 

rate-controlling deformation mechanism, and then describe the creep rates in relation to the 

microstructure of the material. Historically, the thermally-activated dislocation glide model that 

considers dislocations overcoming microstructural obstacles by thermal activation is successful 

for pure metals and solid solutions [5, 19, 37]. Here, such an analysis is extended to ODS-Cu 

with certain modifications that are described in detail in the two following subsections: the 

determination of the operational activation area that indicates the controlling deformation 

mechanism; and the proposal of an effective stress that takes into account near-particle 

dislocation/dislocation interactions.  
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2.4.3.1 Operational Activation Area 

As mentioned earlier, the constant structure creep data can be analyzed to determine the 

operational activation area. Using Eqn. 2.6, 𝛥𝑎′′ can be calculated by obtaining the derivative 

𝜕𝑙𝑛𝜖̇𝐶

𝜕𝜎
|
𝑇,𝜎̂𝑖

, which is based on the slope of the fit to the semilogarithmic plot of the constant 

structure creep rate as a function of stress shown on Fig. 2-4. It is paramount that the creep rates 

are obtained at constant structure when calculating 𝛥𝑎′′ because this parameter is specific for a 

certain microstructure, and more particularly, for a certain spacing of the rate-determining 

obstacles and number of gliding dislocations. The value of 𝛥𝑎′′ will not be meaningful if the 

derivative is taken from two separate microstructures (e.g. from two steady states) for which the 

spacing of the obstacles may be different. In Fig. 2-4, the data points with the largest stress on 

each line correspond to the initial steady-state creep rate, 𝜖𝛢̇, at 𝜎𝑖𝑛. They are also considered to 

be at constant structure and included in the fit because all 𝜖𝐶̇ values were obtained at the same 

microstructure developed by the steady states at 𝜎𝑖𝑛. Threshold behavior for the constant-

structure data was not observed so that all data points were included into the linear fit. The 

linearity of the data points is reasonably good since 𝑅2 for all five fits is greater than 0.97. 

Hence, 
𝜕𝑙𝑛𝜖̇𝐶

𝜕𝜎
|
𝑇,𝜎̂𝑖

 can be considered as a constant for each initial stress. The observation that the 

constant structure data are linear on the semilogarithmic plot also suggests that 𝑝 and 𝑞 in Eqn. 

2.7 can both be taken as unity. Finally, the average Taylor factor, M, given in Eqn. 2.6 cannot be 

assumed to be 3.06 for an untextured polycrystalline FCC metal [38], since the GlidCop 

materials are highly textured according to our previous study [15], so their values calculated by 

EBSD analysis (shown in Table 2-4) are used here.  

 



 

 

25 

The calculated 𝛥𝑎′′ values are listed in Table 2-4, and very good agreement is reached between 

the 𝛥𝑎′′ values normalized by 𝑏2 and the interparticle spacing 2𝜆 normalized by 𝑏. In other 

words, 𝛥𝑎′′ ~ 2𝜆𝑏. Measured 2𝜆 values for Al-15 AN and Al-60 AR are currently unavailable in 

literature, but several studies point out that the particle distribution for Al-15 AN undergoes no 

apparent change in the annealing process [11, 15, 39], and the interparticle spacing for Al-60 AR 

was approximated by √𝜋/6𝑓 ⋅ 2𝑟 [40], where 𝑓 = 2.7% is the volume fraction of the Al2O3 

particles. The correspondence between 𝛥𝑎′′ and 2𝜆 is verification that the rate-determining 

obstacles in creep deformation are indeed the Al2O3 particles. A similar activation area ~310 𝑏2 

has been reported for an Fe–14% Cr ODS alloy that has a similar interparticle spacing (~100 nm) 

at 1023 K by Praud, et al. [41].  Fig. 2-5a shows the schematic of a dislocation detachment event 

at one particle where the dislocation line overcomes the attraction of the particle and glides 

forward by the distance of  𝑏 with the aid of thermal activation. The shaded area depicts the area 

that the dislocation sweeps through during this process, which is also approximately equal to 

2𝜆𝑏.  
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Fig. 2-4 Semilogarithmic plot of constant structure creep rate versus stress for Al-15 AR, Al-15 AN, and Al-

60 AR at 973 K. Stress reduction creep tests were performed at an initial stress of 70 MPa for all three 

materials. For Al-60 AR, these tests were also carried out from 80 and 60 MPa.  
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Table 2-4 Operational activation areas of dislocation motion for Al-15 AR, Al-15 AN and Al-60 AR 

measured by constant structure creep tests at 973 K.  

 

Apart from dislocation-particle interactions, other possible deformation mechanisms that could 

control the creep rate for GlidCop include forest dislocation cutting and grain boundary sliding. 

In cases where creep is controlled by forest dislocation cutting, 𝛥𝑎′′ is roughly equal to the 

average dislocation spacing 𝑙 times 𝑏, where 𝑙 can be approximated by  
𝛼𝑀𝜇𝑏

𝜎
, where 𝛼 is the 

Taylor hardening coefficient. Since 𝛼 can range from 0.3 to 1 for pure copper [42], 𝛥𝑎′′ 

calculated by this method can range from ~300-1000 𝑏2, which is either consistent with or 

greater than the value that what was obtained from the experiments. Therefore, additional 

evidence is needed to examine the possibility of forest dislocation controlled creep. This 

discussion is included in the section 4.5, after the athermal flow stress is obtained for GlidCop. 

Grain boundary sliding also needs to be considered due to the fine grain size of the material [15]. 

In fact, this mechanism has been identified in another dispersion strengthened material, TD-NiCr 

[43]. However, the activation area for grain boundary sliding is on the order of 1 𝑏2 as this 

mechanism is a diffusional process [44]. Therefore, both of these mechanisms can be excluded 

because the activation areas do not match the experimentally measured values. It is important to 

realize that a satisfactory fitting of the RA model to the data alone does not guarantee 

confirmation of the dislocation detachment mechanism. It could also be somewhat coincidental 

because the adjustable fitting parameters give much flexibility to enhance the coefficient of 

Material 𝜎𝑖𝑛 (MPa) 𝑀 [15] 2𝜆 𝛥𝑎" 

Al-15 AR 70 2.71 340 𝑏 320 𝑏2 

Al-15 AN 70 2.66 340 𝑏 390 𝑏2 

Al-60 AR 70 2.73 345 𝑏 405 𝑏2 

Al-60 AR 80 2.73 345 𝑏 350 𝑏2 

Al-60 AR 60 2.73 345 𝑏 455 𝑏2 
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determination. Hence, the activation area analysis described here is crucial because it verifies the 

physical basis of the dislocation detachment model.   

 

2.4.3.2 Dislocation/dislocation Interactions 

In Table 2-4, it is evident that 𝛥𝑎′′ also decreases with increasing 𝜎𝑖𝑛, as shown by Al-60 AR 

tested at different 𝜎𝑖𝑛. A possible reason is that the inter-dislocation forces that could contribute 

to 𝜖𝐶̇ are related to 𝜎𝑖𝑛. The RA model only counts the critical dislocations on the departure side 

of the particles and ignores all the other dislocations that form a fairly complicated substructure 

in GlidCop as described by Broyles, Zhang and Gibeling [15]. Even though most of these 

“background” dislocations reside in the subgrain boundaries and have little direct effect, the 

dislocations near the particles can interact with the critical dislocations and contribute to the 

creep rate. As noted earlier, the detaching dislocations are subject to a forward internal stress 

generated by the dislocations behind them (that is, on the approach side of the particles) as 

represented schematically in Fig. 2-5b. This is a natural consequence from the fact that the 

dislocations spend the greatest time waiting for the detachment process, and glide between the 

particles is considered to be much faster. Confirmation of this perspective was provided directly 

by Jansen and Dunand in a Al2O3 strengthened Al alloy [45] and Liu and Cowley in a Re 

strengthened W alloy [46]. Another supporting point is that 𝜖𝐶̇ at a given reduced stress was 

observed to increase with increasing 𝜎𝑖𝑛 as shown in Fig. 2-4 for Al-60 AR, which can be 

explained by the fact that a higher 𝜌, and more particularly more dislocations between the 

particles resulting from a higher 𝜎𝑖𝑛, can exert a higher forward stress on the detaching 

dislocation. Unfortunately, the magnitude of the forward stress per se cannot be modeled 

because it is very difficult to calculate the number of dislocations between the particles. 
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However, this value can be derived by combining the steady-state and the constant structure 

creep data as discussed in the next section. 
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Fig. 2-5 Schematic illustration of dislocations interacting with particles: (a) a single thermal activation event 

where a segment of the dislocation line detaches from a particle and glides forward by a distance 𝑏 

(exaggerated on the schematic for display purposes). The shaded area delineates the activation area of this 

event; (b) a quasi-equilibrium condition for dislocations under stress: the dislocations on the approach side 

of the particle exert a forward stress on the dislocations on the departure side. 
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2.4.4 Modified RA Model for the Creep Behavior of ODS Alloys 

Based on the discussion above, a modified RA model that combines the thermally activated 

dislocation glide model and the dislocation detachment model is proposed. As a starting point, 

we write the equivalent of Eqn. 2.1 as: 

𝜖̇ =
6𝐷𝑣𝜆𝜌𝐷(𝜎)

𝑀𝑏
𝑒𝑥𝑝 (−

𝛥𝐺𝐷

𝑘𝐵𝑇
) (2.8) 

 

where 𝛥𝐺𝐷 is the Gibbs free energy of activation for the detachment process and 𝜌𝐷(𝜎) is the 

stress dependent density of dislocations on the departure side of the particles only, which should 

be much smaller than the total dislocation density 𝜌𝑡𝑜𝑡. Unlike the RA model that assumes 𝜌𝐷 is 

constant, our new model considers the stress dependence of 𝜌𝐷. Several researchers, including 

Lloyd and Martin who studied single crystal ODS-Cu, report a squared dependence of the 

dislocation density on the applied stress for dispersion strengthened alloys [47-49]. Here, as a 

first approximation, we assume 𝜌𝐷 shares the same dependence: 

𝜌𝐷(𝜎)  = 𝑓𝐷 (
𝜎

𝑀𝛼𝜇𝑏
)
2

 (2.9) 

 

where 𝑓𝐷 is a dimensionless constant that describes the fraction 𝜌𝐷/𝜌𝑡𝑜𝑡, and here we take 𝛼 as 

unity. We note that it is very difficult to model or measure 𝜌𝐷 directly so that 𝑓𝐷 can only be 

obtained by fitting the experimental creep data. 𝛥𝐺𝐷 in Eqn. 2.8 can be further expanded by Eqn. 

2.7 as long as the parameters 𝑝 and 𝑞 are determined. Even though the assumption of 𝑝 = 𝑞 = 1 

was made when determining 𝛥𝑎′′, here we assign  𝑝 = 1, 𝑞 = 3/2 to be consistent with the RA 

model for further comparison. These values are also validated by Kocks, et al. [16] for strong 

obstacles such as dispersoids. Furthermore, since the inter-dislocation forces create an effective 
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forward stress as noted in the previous section, the applied stress needs to be modified with an 

extra positive term 𝜎𝑠 to account for this effect. Therefore, Eqn. 2.7 can be rewritten as: 

𝛥𝐺𝐷 = Δ𝐹𝐷 (1 −
𝜎 + 𝜎𝑠

𝜎̂
)
3/2

 (2.10) 

 

By combining Eqns. 2.8, 2.9 and 2.10,  we obtain the essential equation of the model: 

𝜖̇ =
6𝐷𝑣𝜆𝑓𝐷
𝑀𝛼2𝑏3

(
𝜎

𝑀𝜇
)
2

𝑒𝑥𝑝 [−
Δ𝐹𝐷

𝑘𝐵𝑇
(1 −

𝜎 + 𝜎𝑠

𝜎̂
)
3/2

] (2.11) 

 

We note that 𝜎𝑠 should not appear in the pre-exponential stress term because 𝜌𝐷 is not influenced 

by 𝜎𝑠. At constant structure after a stress reduction, 𝜌𝐷 developed by 𝜎𝑖𝑛 is retained in the term 

related to dislocation density whereas the reduced stress is needed to describe the glide kinetics: 

𝜖𝐶̇ =
6𝐷𝑣𝜆𝑓𝐷
𝑀𝛼2𝑏3

(
𝜎𝑖𝑛

𝑀𝜇
)
2

𝑒𝑥𝑝 [−
Δ𝐹𝐷

𝑘𝐵𝑇
(1 −

𝜎𝑟𝑒𝑑 + 𝜎𝑠

𝜎̂
)

3/2

] (2.12) 

  

At the subsequent steady state, 𝜌𝐷 reduces to a value that corresponds to 𝜎𝑟𝑒𝑑: 

𝜖𝐷̇ =
6𝐷𝑣𝜆𝑓𝐷
𝑀𝛼2𝑏3

(
𝜎𝑟𝑒𝑑

𝑀𝜇
)
2

𝑒𝑥𝑝 [−
𝛥𝐹𝐷

𝑘𝐵𝑇
(1 −

𝜎𝑟𝑒𝑑 + 𝜎𝑠

𝜎̂
)
3/2

] (2.13) 

 

From one series of stress reduction tests that starts from the same 𝜎𝑖𝑛 with varying 𝜎𝑟𝑒𝑑, the 

stress exponent for constant structure creep 𝑛𝐶 =
∂𝑙𝑛𝜖̇𝐶

∂𝑙𝑛𝜎𝑟𝑒𝑑
 should be less than that for steady-state 

creep 𝑛𝑎𝑝𝑝 by 2 (i.e. 𝑛𝑎𝑝𝑝 - 𝑛𝐶  = 2) because an extra 𝜎𝑟𝑒𝑑
2 dependence is present for 𝜖𝐷̇. 

Therefore, 𝜎𝑠 is determined as the stress which is required to ensure this equality holds. The 

values of 𝜎𝑠 are listed in Table 2-5, and it is clear that for Al-60 AR, 𝜎𝑠 increases with increasing 
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𝜎𝑖𝑛 because the number of dislocations that form the pile-up scales with the applied stress. Fig. 

2-6 shows the 𝜖𝐶̇ data for Al-60 AR with different initial stresses plotted with regard to the 

effective stress 𝜎 + 𝜎𝑠, and illustrates that the data collapse satisfactorily onto a single line, 

indicating a good representation of the effects caused by inter-dislocation interactions.  

 

 Δ𝐹𝐷 and 𝜎̂ can be determined by taking the derivative of Eqn. 2.12 on a logarithmic basis and 

squaring: 

(
𝑑𝑙𝑛𝜖𝐶̇

𝑑𝜎𝑟𝑒𝑑
)
2

= (−
3Δ𝐹𝐷

2𝑘𝐵𝑇
)
2

(
1

𝜎̂
)

2

(1 −
𝜎𝑟𝑒𝑑 + 𝜎𝑠

𝜎̂
) (2.14) 

  

By performing a linear regression of the reduced stress and the squared derivative of the 

logarithmic strain rate with respect to the reduced stress, Δ𝐹𝐷 and 𝜎̂ can be obtained from the 

slope and intercept, and Δ𝐺𝐷 can then be calculated by Eqn. 2.10. The values for 𝜎𝑠, Δ𝐹𝐷, 𝛥𝐺𝐷 

and 𝜎̂ are listed in Table 2-5.  
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Fig. 2-6 Semilogarithmic plot of the constant-structure creep rate versus the effective stress for Al-60 AR at 

973 K from the initial stresses at 80, 70 and 60 MPa.  
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Table 2-5 Modified RA model parameters of GlidCop Al-15 AR, Al-15 AN and Al-60 AR with 

microstructures developed at different 𝝈𝒊𝒏 

* The 𝜎𝑖𝑛 dependence of creep microstructure was eliminated by using 𝜎 + 𝜎𝑠 as the applied 

stress in data analysis. However, 𝛥𝐺𝐷 is still directly stress dependent (Eqn. 2.10) so three values 

were obtained corresponding to the three 𝜎𝑖𝑛 values. 

 

The true threshold behavior observed in the steady-state creep rates for ODS-Cu has not been 

properly addressed in the RA model. In fact, as shown in Fig. 2-1, the RA model fit deviates 

from the experimental data and exhibits an opposite trend. As was discussed previously [15], 

when the applied stress is fairly small, one cannot make the assumption that once a dislocation 

has detached from a particle it will move to the departure side of the next particle 

instantaneously. In an extreme case, the RA model predicts finite strain rate under zero applied 

stress because the dislocations detaching from particles purely by thermal activation (unlikely 

but not impossible) contribute to plastic strain. Here we propose further modifications to the 

model to rationalize the threshold behavior of ODS alloys by its physical origin.  

 

It is important to realize that back jumps of detached dislocations cannot be ignored when 

particles with attractive interfaces are present in the backward direction of dislocation motion 

even if a modest forward stress is applied. It has been argued that considering back jumps in a 

thermally-activated dislocation glide model and using a hyperbolic sine function to describe the 

plastic strain rate is not appropriate because after a dislocation overcomes an obstacle, it will 

Material 𝜎𝑖𝑛 (MPa) 𝜎𝑠 (MPa) 𝜎̂ (MPa) Δ𝐹𝐷 (kJ/mol) 𝛥𝐺𝐷 (kJ/mol) 

Al-15 AR 70 18 103.4 130.2 7.2 

Al-15 AN 70 22 110.0 184.9 12.2 

Al-60 AR 70 25 

165.2* 207.6* 

57.4 

Al-60 AR 80 33 36.7 

Al-60 AR 60 17.5 80.2 
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travel to the next obstacle in a very short time with the aid of the applied stress so that it virtually 

has no time to jump back, leading to an ignorable back jump rate. Indeed, this argument is true 

for pure metals and solid solution alloys that have forest dislocations and solute atoms as their 

rate-controlling obstacles where back jumps are energetically unfavorable because the 

dislocation would need to overcome the obstacle again in the reverse direction (i.e. cutting 

through forest dislocations or solute segregations). However, the situation is different for DS 

alloys because back jumps are energetically favorable in that the particles generate an attractive 

field for the dislocations to relax their line energies. Once a back jump occurs and the dislocation 

is again attached to the departure side of the particle, it needs another relatively long period of 

time to detach from the particle again. In addition, it is worth noting that the attempt frequencies 

for forward and back jumps are considered to be equal, or at least not too different, and are 

normally assumed to be equal to the Debye frequency of the lattice. Therefore, the threshold 

behavior of ODS alloys can be described by a simple equation with several reasonable 

assumptions: for simplicity, only the back jumps of the just-detached dislocations one atomic 

distance away from the particle (i.e. the distance between the dislocation and particle, 𝑥 = 𝑏) are 

considered. The probability of consecutive back jumps is significantly lower in the presence of 

an applied forward stress, so they are neglected. If a back jump does not occur for a dislocation, 

it will move on to the next particle at high velocity (as in the RA model). If a back jump occurs, 

the distance that this dislocation travels in the forward direction is zero. Therefore, the new 

constitutive equation for creep of ODS alloys must include a second exponential term 

representing the back jumps and can be written as: 
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𝜖𝑆̇𝑆 =
6𝐷𝑣𝜆𝑓𝐷
𝑀𝛼2𝑏3

(
𝜎

𝑀𝜇
)
2

{𝑒𝑥𝑝 [−
Δ𝐹𝐷

𝑘𝐵𝑇
(1 −

𝜎 + 𝜎𝑠

𝜎̂
)
3/2

] − 𝑒𝑥𝑝 [−

𝜎 + 𝜎𝑠

𝑀 𝑏𝛥𝑎′′

𝑘𝐵𝑇
]} 

 

(2.15) 

where the additional term 
𝜎+𝜎𝑠

𝑀
𝑏𝛥𝑎′′ is the work done by the forward stress (which needs to be 

converted to shear stress when computing work) that now needs to be overcome by the attractive 

stress to achieve a back jump. The change of line tension caused by the change in line geometry 

before and after detachment is calculated to be small and thus ignored in the equation.  

 

The dashed line in Fig. 2-7 shows an example of the application of Eqn. 2.15 to GlidCop Al-15 

AN, which predicts a threshold stress. However, the result shown in Fig. 2-7 appears to 

underestimate the measured threshold stress, which indicates that the dislocations still experience 

an attraction from the particles after the detachment process. This contribution can be considered 

by assuming there is an attractive force from the particle acting on the dislocation that decays 

with distance and does work when back jumps take place. Since neither the magnitude of this 

force nor how this force decays are known explicitly, the work done by the force during back 

jumps is assumed to be 𝜁 ⋅ Δ𝐹𝐷, where 𝜁 = 𝜁(𝑥) describes the extent of the decay in the stress 

field. Since 𝑥 = 𝑏 is assumed, 𝜁 becomes a constant and serves as a fitting parameter when 

analyzing creep data. We also note that 0 ≤ 𝜁 ≤ 1 and when 𝜁 = 0, the dislocation can relax its 

line energy only when it is attached to the particle, whereas when 𝜁 = 1, the dislocation fully 

relaxes its line energy even if it is a distance 𝑏 away from the particle. Hence, Eqn. 2.15 now 

becomes  
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𝜖𝑆̇𝑆 =
6𝐷𝑣𝜆𝑓𝐷
𝑀𝛼2𝑏3

(
𝜎

𝑀𝜇
)
2

{𝑒𝑥𝑝 [−
Δ𝐹𝐷

𝑘𝐵𝑇
(1 −

𝜎 + 𝜎𝑠

𝜎̂
)
3/2

] − 𝑒𝑥𝑝 [−

𝜎 + 𝜎𝑠

𝑀 𝑏𝛥𝑎′′ −  𝜁 ⋅ Δ𝐹𝐷

𝑘𝐵𝑇
]} 

 

(2.16) 

A value of 𝜁 = 0.15 was determined by a nonlinear regression to best describe the steady-state 

creep data for Al-15 AN, as shown in Fig. 2-7 by the solid line. Finally, Eqn. 2.16 is applied to 

all three GlidCop alloys and excellent agreement is reached between the experimental data and 

our new model as shown in Fig. 2-8. 𝜁 was determined to be vanishingly small for Al-15 AR and 

Al-60 AR, suggesting almost no attraction once dislocations have detached from the particle in 

these two cases. This result suggest that the transformation of Al2O3 particles to 9Al2O3-B2O3 

after annealing extruded GlidCop Al-15 leads to a longer-range attraction on the detached 

dislocations. Generally, the attraction between the particles and the dislocations appears to be 

very short-ranged because a small value of  𝜁 is determined even when the distance is as small as 

𝑏.   
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Fig. 2-7 Double Logarithmic plot of steady-state creep rate versus true applied stress for GlidCop Al-15 AN 

without 𝜁 or an optimized 𝜁 of 0.15.  
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Fig. 2-8 Double Logarithmic plot of steady-state creep rate versus true applied stress for GlidCop Al-15 AR 

(𝜁  = 0), Al-15 AN (𝜁 = 0.15) and Al-60 AR (𝜁 = 0) with the modified RA model. 
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2.4.5 Implications of the Modified RA Model 

The new model serves to enhance the dislocation detachment description of creep in dispersion 

strengthened metals because it includes the data from constant-structure creep tests that are 

independent from those obtained in steady state. The extent of dislocation-particle and 

dislocation-dislocation interactions can be quantitatively described by Δ𝐹𝐷, 𝜎̂ and 𝜎𝑠. By 

comparing Eqns. 2.1 and 2.11, it is evident that the new model and the RA model have very 

similar form because they both start from the thermal activation framework. For instance, Δ𝐺𝐷 in 

the new model plays an equivalent role as the activation energy for creep deformation in the RA 

model, 𝐸𝑑 = 𝜇𝑏2𝑟(1 − 𝑘)3/2 (1 −
𝜎+𝜎𝑠

𝜎𝐷
)
3/2

 (the original forward stress 𝜎 is modified here to be 

𝜎 + 𝜎𝑠). In addition, the relaxation parameter, 𝑘, can now be related to Δ𝐹 by: 

𝑘 = 1 − (
Δ𝐹𝐷

𝜇𝑏2𝑟
)
2/3

 (2.17) 

  

This provides an improved way to approach 𝑘 so that Eqns. 2.2 and 2.4 are not the only means to 

determine this parameter. In fact, the traditional method of calculating 𝑘 has the shortcoming that 

the determination of the apparent activation energy is typically subject to a large amount of error 

because it is both stress and temperature dependent [50-53]. By adopting our new technique, 

constant structure and temperature are maintained during the tests to accurately determine the 

activation energies and areas. This enables us to avoid using the less-reliable quantities described 

above.  
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Table 2-6 Comparison of model parameters between the modified RA model and the RA model. 𝜟𝑮𝑫 

in the modified RA model and 𝑬𝒅 in the RA model are based on a common initial stress of 70 MPa. 

All parameters related to the RA model are annotated (RA) for easier recognition.  

Material 𝑘 𝑘 (RA) 𝜎̂ (MPa) 
𝜎𝐷 (RA) 

(MPa) 
𝛥𝐹𝐷 

(kJ/mol) 
𝛥𝐺𝐷 

(kJ/mol) 

𝐸𝑑 
(RA) 

(kJ/mol) 

Al-15 AR 0.922 0.915 103.4 130.5 130.2 7.2 28.0 

Al-15 AN 0.902 0.894 110.0 160.3 184.9 12.2 57.9 

Al-60 AR 0.933 0.918 165.2 213.3 207.6 57.4 117.0 

 

The determined parameters from our new model are tabulated in Table 2-6 with a comparison to 

those obtained by the standard analysis based on the RA model. It appears that the determination 

of 𝑘 as outlined by the RA model gives lower values by assuming the effect of dislocation 

density on the pre-exponential term is negligible. Since the RA model does not account for the 

forces between dislocations either, it also results in some overestimation of 𝜎𝐷. The values of 

𝛥𝐺𝐷 obtained in our new model can be regarded as the true activation energy for dislocation 

detachment in the ODS alloy because they were determined at constant microstructure and 

temperature, and their stress dependence was also considered (Eqn. 2.10). 𝛥𝐺𝐷 is highly 

dependent on the detachment stress and more generally, the deformation microstructure 

associated with particles and dislocations. Therefore, assuming a constant activation energy for 

the materials deforming at different stresses and temperatures is not valid. 𝛥𝐺𝐷 determined in our 

model is lower than 𝐸𝑑 from the RA model because of the overestimation of 𝜎𝐷 in the latter 

approach. In addition,  𝛥𝐺𝐷 is a relatively small fraction of 𝛥𝐹𝐷, indicating that dislocation 

detachment is more mechanically controlled than thermally controlled. That is, the work 

component of 𝛥𝐹𝐷 is relatively large compared to the thermal component represented by 𝛥𝐺𝐷. 
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To understand the small values of 𝛥𝐺𝐷 from our new model (and 𝐸𝑑 from the original RA 

model), we note that the pre-exponential factor in both models contains 𝐷𝑣, which implicitly 

includes an additional activation energy equal to that of vacancy diffusion. In the original RA 

model [1], 𝐷𝑣 was introduced without detailed justification in connection with vacancy 

absorption when dislocation detachment occurs. It should be emphasized that the rate-controlling 

final detachment of the dislocation from the particle is a glide process instead of a climb process. 

This view is further supported by other work [8, 54, 55], which modeled final detachment as 

glide behavior. The incorporation of 𝐷𝑣 can be rationalized by noting that at low temperatures, 

the dislocation will face repulsion from the interface if the shear modulus of the particle is larger 

than that of the matrix because of the stress concentration at the interface. This extra interaction 

energy caused by the stress field of the dislocation is especially strong when the dislocation is in 

the close vicinity of the particle. Srolovitz et al. [56] attributed the absence of such repulsion at 

high temperatures to diffusional relaxation of the interface, and the attraction can be 

subsequently explained by dislocation core relaxation at the incoherent interface. If the interface 

has been relaxed by diffusion to equilibrate the stress field of the dislocation, when the 

dislocation detaches and moves away from the particle, diffusional relaxation must happen again 

in the opposite sense when the stress field of the dislocation is removed. This energy contribution 

from the interface is separate from the energy of dislocation core relaxation that needs to be 

provided by both the applied stress and thermal activation for detachment to occur. Here we 

follow the RA model and use the activation energy of vacancy diffusion to describe the interface 

relaxation since the temperature (973 K, or 0.7 Tm) is reasonably high. 
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The effect of particle size and volume fraction can be examined by comparing the results for Al-

15 AR and Al-60 AR. 𝜎̂, Δ𝐹𝐷 and Δ𝐺𝐷 for Al-60 AR are much larger than for Al-15 AR, 

indicating that either the particle size or spacing plays an important role in governing the 

detachment process. Since the particle spacing for the two alloys is almost equal, it can be 

concluded that a larger particle size in Al-60 AR leads to stronger attraction of the dislocations 

by the particles. This interpretation can be justified by the fact that the dislocation line length 

attached to a particle may increase with the particle size, so larger particles require detachment of 

a longer segment of dislocation. The athermal detachment stress 𝜎̂ and the total energy 

associated with this process, Δ𝐹𝐷, for Al-60 AR are about 1.6 times larger than those for Al-15 

AR, which is in good agreement with the proportionality between the particle sizes. The effect of 

particle type can be evaluated as well by considering the value of 𝑘. The difference of 𝑘 values 

for the two as-received alloys is small because the nature of the particle/matrix interface is the 

same despite the difference in curvature. However, 𝑘 for the annealed Al-15 alloy differs greatly 

from the as-received Al-15 because the particles transformed to 9Al2O3-2B2O3 and became more 

attractive, which was described in our previous paper [15].  

 

It is necessary to compare the results of ODS Cu and pure Cu, both obtained from the thermally 

activated glide model. The athermal flow stress in pure Cu for stress reductions from 16 MPa 

was found to be roughly 33 MPa [20]. For ODS Cu, it was found to be 100-165 MPa. 

Mechanically speaking, the particles present obstacles to glide that are 3-5 times stronger than 

the forest dislocations that are considered to be the obstacles to glide in pure metals, which 

explains the superior creep strength gained from the addition of the oxide dispersoids. Therefore, 

despite the fact that forest dislocation cutting may present a comparable activation area to 
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detachment from particles in the case of ODS Cu (if 𝛼 is small), the large difference in the 

athermal flow stress rules out the possibility of the former mechanism. 

Our physics-based model also offers a clear, unified description of the threshold behavior in 

ODS Cu in a way that is consistent with the concept of dislocation detachment from particles as 

the rate-controlling mechanism. Even though the introduction of 𝜁 as a fitting parameter makes 

the model phenomenological to some degree, the creep equation still gives a reasonable 

prediction of threshold stress even if 𝜁 = 0 as shown in Fig. 2-7 and 2-8. More computation and 

microscopy work of dislocation-particle interactions is needed in the future to better understand 

the origin of 𝜁. The threshold stresses for Al-15 AR, Al-15 AN and Al-60 AR were calculated to 

be 28 MPa, 36 MPa and 41 MPa, respectively, which are slightly higher than the values 

determined from the threshold stress model, exhibiting a stiffer transition from the power law 

regime to the threshold regime.  

 

Finally, it is important to examine the critical dislocation density, 𝜌𝐷, that is determined from 

fitting the creep data. The constant that plays a similar role in the RA model is the fitted 

dislocation density 𝜌 in Eqn. 2.1. Table 2-7 shows the comparison between 𝑓𝐷 and the resulting 

𝜌𝐷 at an applied stress of 70 MPa in our model and 𝜌 in the RA model. It is evident that 𝜌𝐷 is 

100 to 10,000 times smaller than 𝜌𝑡𝑜𝑡, which suggests that the dislocation density derived from 

our model is not overly high. It also supports our earlier statement that most of the dislocations 

form subgrains and networks that are immobile, and only a small fraction of dislocations that 

interact with particles control the creep rate. However, it is still hard to imagine 𝜌𝐷 is 100 times 

higher for Al-60 AR than Al-15 AR even though this difference between the two materials is 

smaller than the  factor of 104 in the RA model. 𝑓𝐷 or 𝜌𝐷 most likely includes some inaccuracy of 
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the model due to an inadequate description of the stress dependence of 𝛥𝐹𝐷, 𝛥𝐺𝐷, and 𝜎̂. Strictly 

speaking, 𝛥𝐹𝐷, 𝛥𝐺𝐷, and 𝜎̂ obtained in this study are only accurate for the stresses shown in 

Table 2-5 where stress reduction tests were carried out. The extrapolation of these values to all 

stresses tested in steady state inevitably causes error, especially when they are in the exponential 

term. Therefore, although challenging, stress reduction creep experiments at all test stresses are 

necessary in order to obtain a fully accurate description of steady-state creep. In addition, the 

effect of dynamic recovery has not been considered in this study, which can be a limitation of the 

model at large stress reductions. Such effect can be studied in the future by performing near total 

stress reductions (i.e. ~100% stress reductions), but is beyond the scope of the current paper.  

 

Table 2-7 Comparison between the fitting constants 𝒇𝑫 and resulting 𝝆𝑫 at an applied stress of 70 

MPa in our model and 𝝆 in the RA model. 

Material 𝑓𝐷 𝜌𝐷 (m-2) 𝜌 (RA) (m-2) 

Al-15 AR 3.2×10-4 3.3×109 5.0×1011 

Al-15 AN 3.0×10-4 3.2×109 6.6×1013 

Al-60 AR 3.2×10-2 3.2×1011 4.2×1015 

 

2.5 Conclusions 

(1) Stress reduction transient creep experiments were used to explore the high temperature 

deformation of GlidCop Al-15 and Al-60, two dispersion strengthened copper alloys 

containing Al2O3 dispersoids. The transients following stress reductions exhibit a form 

that is similar to that observed for solid solution alloys, whereas the initial primary creep 

follows a form similar to that for pure metals. These results cannot be described by 

existing models for creep of dispersion strengthened alloys. 
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(2) An improved creep model has been formulated to describe the thermally activated 

detachment-controlled creep of dispersion-strengthened copper alloys and to predict a 

threshold stress. This model relies on data obtained from both steady state and constant 

structure (stress reduction) creep tests on extruded and annealed GlidCop Al-15 as well 

as extruded GlidCop Al-60 to determine the necessary parameters, thereby improving the 

accuracy of the predictions compared to the Rösler-Arzt model.  

 

(3) The new model serves as a modification to the Rösler-Arzt model in that it takes into 

account the forces between the critical detaching dislocation and nearby dislocations. 

These forces are resolved into an effective forward stress that can be determined from the 

creep experiments. This modification is necessary to describe both the steady state and 

constant structure creep response following stress reductions. Unlike the original Rösler-

Arzt model, the new model does not require an overly high mobile dislocation density to 

describe the data for GlidCop Al-15 and Al-60. 

 

(4) This paper describes a robust way of measuring the operational activation area for 

dislocation glide under constant temperature and structure on a custom modified creep 

machine with excellent strain and time resolution. The operational activation areas for 

GlidCop obtained in this study are consistent with the value of 2𝜆𝑏, where 2𝜆 is the 

interparticle spacing, thereby providing strong evidence that the rate-controlling 

deformation mechanism is indeed dislocations detaching from particles. 

 



 

 

48 

(5) The observation of a true threshold stress for creep in dispersion-strengthened materials is 

rationalized by the occurrence of thermodynamic back jumps of as-detached dislocations 

due to the attractive force emanating from the particle/matrix interface. The operational 

activation area is again used to compute the activation energy of back jumps (in which a 

dislocation moves back against the work done by the forward stress). When included in 

the thermally activated detachment model, this additional term leads to an accurate 

prediction of the threshold stress. 
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Chapter 3 Understanding Creep Mechanisms of a Cu-Cr-Nb Alloy by Testing 

under Constant Structure Conditions1 

 

3.1 Introduction 

Development of creep resistant, high thermal conductivity alloys is crucial for actively cooled 

combustion chambers and nozzle liners on next generation space vehicles [1]. One candidate for 

such applications is Cu-8 at.%Cr-4 at.%Nb (GRCop-84), with ~14 vol% Cr2Nb particles that 

enhance the creep strength of Cu. These particles are dispersed in a nearly pure Cu matrix so 

high thermal conductivity is retained [2]. 

 

Creep properties of GRCop-84 have been explored in previous studies [2-6], where 

phenomenological equations were provided to describe the steady-state creep rates. However, 

detailed understanding of its elevated temperature deformation mechanisms remains 

unsatisfactory. For example, the above studies concluded that the power-law model gives high 

stress exponents and activation energies that are hard to rationalize, and the Rösler-Arzt model of 

dislocation detachment from particles does not apply. Vettraino, et al. [7] discovered a bimodal 

distribution of particle sizes (averages of  ~50 nm and ~230 nm), and concluded that the rate-

determining mechanism is likely to be dislocations locally climbing over the smaller particles. 

However, this conclusion was only based on the fact that the climb resistance calculated from the 

observed threshold stress falls in the range for local climb derived from simplified models [8]. 

One challenge is that parameters derived from steady-state data alone are typically inadequate to 
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describe the rate-controlling processes. Steady states across different stresses and 

temperaturecorrespond to different microstructures, the influence of which on creep rates and 

activation energies is often not treated with sufficient detail. Therefore, it is desirable to include 

creep data acquired at constant structure and temperature, where a change in rate is only a 

function of a change in stress. This condition is realized by conducting stress reduction tests, 

where the strain response to a decrease in stress is recorded within a short time during which the 

microstructure is assumed to be invariant. Constant-structure creep tests have been validated in 

previous creep studies of pure metals, solid solutions, and dispersion strengthened alloys [9-14].  

 

The present study aims to provide a better understanding of kinetics of dislocation motion in 

GRCop-84 by presenting the results from constant-structure creep tests at 923 K and deriving the 

activation energy and the microstructural strength. A constitutive creep equation based on these 

parameters is developed to describe creep of GRCop-84. 

 

3.2 Experimental 

GRCop-84 was produced by argon gas atomization, extrusion, and rolling. The rolled sheets 

were then electrical discharge machined into flat specimens with a gauge section of 20.32(L) × 

2.54(W) × 0.635(H) mm. A detailed description of the fabrication process and microstructure 

prior to testing is given in Refs. [3, 7], where this material is identified as GRCop-84 production 

sheet. Samples were hand polished using 400 and 600 grit SiC abrasives to minimize surface 

effects on the creep properties. 
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Tests were conducted in a constant-stress creep machine operating under vacuum (≤2 × 10−5 torr) 

following procedures described in previous studies [11, 12, 14]. The notation of stresses and 

strains at different creep stages follows that of Biberger and Gibeling [10]: specimens were 

loaded at constant initial stress, 𝜎𝑖𝑛, to a steady state creep rate, 𝜖𝐴̇, after which part of the load 

was rapidly removed. The instantaneous creep strain following the stress reduction, 𝜖𝐶̇, was 

acquired at 10 Hz with a time resolution of 1 μs. The reduced stress, 𝜎𝑟𝑒𝑑, was maintained until 

the second steady state creep rate, 𝜖𝐷̇. The stress levels are listed in Table 3-1. 

 

Table 3-1 Initial and reduced stresses used in the constant-structure creep tests on GRCop-84 at 923 

K. Each creep sample was only subject to one stress reduction. 

𝜎𝑖𝑛 (MPa) 𝜎𝑟𝑒𝑑 (MPa) 

95 75, 65, 60, 55, 50 

80 65, 60, 55, 50, 40 

65 60, 55, 50, 40 

 

Samples were furnace cooled under stress to preserve the dislocation substructure for electron 

microscopy. Transmission electron microscopy was performed using a Philips CM12 to examine 

dislocation substructure and possible dislocation-particle interactions. Sample preparation 

methods are given in Ref. [7]. 

 

3.3 Results and Discussion 

Fig. 3-1a shows example creep curves for GRCop-84 at 923 K. Stress reductions from initial 

stresses of 95 and 80 MPa were initiated at a strain of ~9%, whereas those from an initial stress 

of 65 MPa occurred at ~5% strain to avoid reaching tertiary creep before the reduction. As 

reported in our previous paper [3], all curves exhibit normal primary creep, where the rates 
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decelerate to steady state. This effect is explained by decreasing mobile dislocation density due 

to formation and refinement of subgrains (illustrated in Ref. [7]) and dislocation pinning by 

particles. The same behavior was observed in a dispersion strengthened copper alloy, GlidCop 

(Cu-Al2O3), which has a similar microstructure despite having smaller particles [14].  
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Fig. 3-1(a) Example creep curves for GRCop-84 samples crept at 923 K with an initial stress of 95, 80 and 

65 MPa and a reduced stress of 55 MPa. The arrows indicate the onsets of the stress reductions that change 

the slopes of the curves; (b) an expanded view of the stress reduction transients within (a). The curves were 

shifted both vertically and horizontally for better comparison, so axes are relative. The dashed lines 

represent the creep rates of GRCop-84 immediately following the stress reductions, that is, the constant-

structure creep rates, 𝜖𝐶̇. 
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A detailed view of the stress reduction transients is presented in Fig. 3-1b; in all cases the 

constant-structure creep rates decelerate to the second steady state represented by the dashed lines; 

thus 𝜖𝐶̇> 𝜖𝐷̇. The characteristics shown in Fig. 3-1 are representative of all tests (both small and 

large stress reductions). This so-called “inverted” transient is not unexpected for particle-

strengthened alloys. The same trend was observed in GlidCop under similar conditions [4, 14] for 

which higher 𝜖𝐶̇ compared to 𝜖𝐷̇ was explained by the dislocation detachment mechanism with a 

high dislocation density corresponding to 𝜎𝑖𝑛 in the pile-up near the particle exerting a forward 

stress on the ready-to-detach dislocation. Dislocation density then decreases with strain and the 

resistance from dislocation-dislocation interaction weakens as 𝜖𝐶̇ decreases to 𝜖𝐷̇. This explanation 

also applies to GRCop-84 even though deformation is not detachment controlled but is likely to be 

local climb controlled [3] because blocked dislocations on the approach side of the particles still 

pile up. Therefore, the nature of the near-particle dislocation-dislocation interactions is similar 

whether the rate-controlling dislocations are on the approach side or on the departure side of 

particles. 

 

The constant-structure creep rate can be described by the kinetic law based on thermally 

activated dislocation motion [15]: 

 𝜖𝐶̇ = 𝜖0̇𝑒𝑥𝑝 [−
𝛥𝐹

𝑘𝐵𝑇
(1 −

𝜎

𝜎̂
)] (3.1) 

 

where 𝛥𝐹 is the Helmholtz free energy of activation, 𝑘𝐵 is the Boltzmann’s constant, 𝑇 is the 

temperature, 𝜎 is the applied stress, and 𝜎̂ is the microstructural strength of the rate-controlling 

obstacle (i.e. the flow stress at 0 K). Eqn. 3.1 was developed for glide-controlled motion, but can 
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be applied to climb-controlled creep by noting that the infinitesimal energy change 𝑑𝐸 for local 

climb depends on dislocation advancement in the glide direction 𝑑𝑥 and vertical displacement in 

the local climb direction 𝑑𝑦 is [8]: 

 𝑑𝐸 = 𝑇𝑒𝑙𝑑𝑙 − 𝜏𝑏𝑙𝑑𝑥 − 𝜎𝑛𝑏𝑙𝑐𝑑𝑦 − 𝑑𝐸𝑒𝑙 (3.2) 

where 𝑇𝑒𝑙 is the line tension of the dislocation, 𝑑𝑙 is the line length increase for local climb, 𝜏 is the 

applied shear stress, 𝑏 is the Burgers vector, 𝑙 is the dislocation line length, 𝜎𝑛 is the normal Peach-

Koehler component of applied stress, 𝑙𝑐 is the dislocation line length that is attached to the particle, 

and 𝑑𝐸𝑒𝑙 is the change in the elastic interaction energy between the dislocation and the particle. 

The first term is the energy penalty for dislocation line length increase during local climb, which 

results in a back stress [16-18]. The second term is the work done by the applied stress to facilitate 

glide. The third term is the work done by the normal stress component to aid dislocation climb. 

This term can be neglected for GRCop-84 since 𝑙 >> 𝑙𝑐, because the particle volume fraction is not 

high enough and the interparticle spacing is much larger than the particle size (530 nm versus 56 

nm for small surmountable particles [19]). The last term can also be neglected because the previous 

Rösler-Arzt analysis of GRCop-84 [4] yields an interfacial relaxation parameter 𝑘 > 0.94, meaning 

there is only a very weak attraction of the dislocation to the particle/matrix interface. Therefore, 

Eqn. 3.2 can be shortened to 𝑑𝐸 = 𝑇𝑒𝑙𝑑𝑙 − 𝜏𝑏𝑙𝑑𝑥, and the thermally activated analysis (Eqn. 3.1) 

can be applied to the local climb process as a one-step dislocation release event whose average 

time can be captured by the strain rate measured in constant-structure creep tests. Even though 

local climb consists of multiple steps and could be modeled in greater detail, the effort is 

unnecessary here because the climb process per se provides negligible strain.  
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The results of the constant-structure creep tests are shown in Fig. 3-2a on a semilogarithmic plot 

consistent with Eqn. 3.1. The coefficients of determination of all three linear fits are ~0.99, 

verifying the validity of Eqn. 3.1. High 𝜎𝑖𝑛 also gives high 𝜖𝐶̇, indicating that the difference in 𝜎𝑖𝑛 

creates a difference in the dislocation substructure prior to stress reduction, which exerts a 

different internal stress on dislocations.  
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Fig. 3-2 (a) Semilogarithmic plot of constant-structure creep rate (𝜖𝐶̇) versus the applied stress for GRCop-

84 with an initial stress of 95, 80 and 65 MPa. The solid symbols represent the steady state creep rates under 

the initial stress (𝜖𝐴̇). Since the microstructure corresponding to 𝜖𝐶̇ is assumed to be identical to that of 

𝜖𝐴̇,  𝜖𝐴̇ can be envisaged as a special form of 𝜖𝐶̇ when the reduced stress is equal to the initial stress 

(i.e. no stress reduction); (b) Semilogarithmic plot of constant-structure creep rate versus the effective 

stress under the same test conditions as in (a). 
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Our previous study [14] provides a method to determine the internal stress, 𝜎𝑠, from steady-state 

and constant-structure creep data. Assuming a squared stress dependence of mobile dislocation 

density,  

  𝜖𝐶̇ = 𝐶 (
𝜎𝑖𝑛

𝑀𝜇
)
2

𝑒𝑥𝑝 [−
Δ𝐹

𝑘𝐵𝑇
(1 −

𝜎𝑟𝑒𝑑 + 𝜎𝑠

𝜎̂
)] (3.3) 

 

  𝜖𝐷̇ = 𝐶 (
𝜎𝑟𝑒𝑑

𝑀𝜇
)
2

𝑒𝑥𝑝 [−
Δ𝐹

𝑘𝐵𝑇
(1 −

𝜎𝑟𝑒𝑑 + 𝜎𝑠

𝜎̂
)] (3.4) 

where 𝐶 is a constant, 𝑀 is the Taylor factor, and 𝜇 is the shear modulus. The difference between 

 𝜖𝐶̇ and  𝜖𝐷̇ is associated with different mobile dislocation densities of the substructures 

corresponding to 𝜎𝑖𝑛 and 𝜎𝑟𝑒𝑑. Δ𝐹 remains the same because there is no change in the energetics 

of dislocation-particle interaction before and after the stress reduction. From Eqns. 3.3 and 3.4, 

the difference between the stress exponents of steady state and constant-structure creep,  𝑛𝐷 −

𝑛𝐶 =
∂𝑙𝑛ϵ̇𝐷

∂ln (𝜎𝑟𝑒𝑑+𝜎𝑠)
−

∂𝑙𝑛ϵ̇𝐶

∂𝑙𝑛(𝜎𝑟𝑒𝑑+𝜎𝑠)
, should take the exact value of 2. Therefore, 𝜎𝑠 can be 

determined from linear fits of 𝑙𝑛𝜖𝐶̇ and  𝑙𝑛𝜖𝐷̇ versus ln (𝜎 + 𝜎𝑠) with this constraint. The 𝜎𝑠 

values are given in Table 3-2, and Fig. 3-2a maps to Fig. 3-2b when the applied stress is 

replaced by the effective stress. Thus, the constant-structure creep data collapse to the same line, 

which justifies that the 𝜎𝑖𝑛 dependence of 𝜖𝐶̇ is eliminated by accounting for the appropriate 

values of 𝜎𝑠. Two conclusions result: i) 𝜎𝑠 is negative for GRCop-84, which justifies the back 

stress acting on rate-controlling dislocations mentioned above. Operationally, 𝜎 + 𝜎𝑠 is 

equivalent to 𝜎 − 𝜎𝐵, where 𝜎𝐵 is the commonly-used (positive) back stress. This observation 

supports the assertion that the controlling deformation mechanism in GRCop-84 is local climb, 

because dislocation detachment gives a positive 𝜎𝑠 [14]; ii). 𝜎𝑠 is less negative for high 𝜎𝑖𝑛,  
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which supports the hypothesis that a high 𝜎𝑖𝑛 results in more dislocations in the pile-up, thereby 

providing a high forward stress and canceling a large part of the back stress. Nonetheless, only a 

weak dependence of 𝜎𝑠 on 𝜎𝑖𝑛 is shown, implying that the forward stress created by dislocation 

pile-ups is small compared to the back stress. Microscopically, local climb is captured by TEM 

analysis. Arrows in Fig. 3-3 show examples of the dislocations climbing over small particles in a 

deformed sample. The larger particles (~230 nm) are insurmountable and do not control the rate, 

which agrees well with the conclusion in Ref. [3]. 

 

Table 3-2 Parameters for the constitutive creep equation that describes the constant-structure creep 

behavior of GRCop-84 (Eqn. 3.3) 

𝜎𝑖𝑛 (MPa) 𝜎𝑠 (MPa)  𝜎̂ (MPa) Δ𝐹 (kJ/mol) 

95 -8 

 250±2 184.7±0.9 80 -8.5 

65 -10.5 
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Fig. 3-3 TEM micrograph of GRCop-84 showing dislocation-particle interactions. The arrows identify 

dislocations that have locally climbed on the particles.  
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The data in Fig. 3-2b can be utilized to compute 𝜎̂ and 𝛥𝐹 by a multiple regression after 

substituting 𝜎 + 𝜎𝑠 for 𝜎 in Eqn. 3.1. The values of 𝜎̂ and 𝛥𝐹 are listed in Table 3-2. 𝜎̂ for 

GRCop-84 is much higher than that for pure Cu (~33 MPa [12]) and differs from that of GlidCop 

(~100 MPa for Al-15 and ~160 MPa for Al-60 [14]). This difference agrees with the fact that 

local climb is mechanically difficult, and a large external stress is needed to provide sufficient 

climb force to move the dislocation without the aid of thermal activation. In addition, Δ𝐹 for 

GRCop-84 closely resembles the activation energy for self-diffusion in Cu (~197 kJ/mol [20]), 

further validating the local climb mechanism and indicating that the deformation mechanisms for 

the two materials are thermodynamically similar. Indeed, creep in pure Cu in the power law 

region is often considered to be climb controlled [21]. The validity of 𝛥𝐹 and 𝜎̂ is verified by the 

fact that both have physically reasonable values, although the small standard error of regression 

suggests some overfitting due to the relatively small data set. 

 

The thermally activated glide analysis also provides the operational activation area, 𝛥𝑎′′, which 

describes the length scale of the thermal activation events that control the deformation rate (see 

Ref. [14] for a more detailed description): 

  𝛥𝑎′′ =
𝑀𝑘𝐵𝑇

𝑏
⋅
𝜕𝑙𝑛𝜖𝐶̇

𝜕𝜎
|
𝑇,𝜎̂

 (3.5) 

Eqn. 3.5 suggests that 𝛥𝑎′′ must be determined at constant temperature and microstructure. 

Accordingly, values can be determined from the slope of the constant structure data in Fig. 3-2a 

using Eqn. 3.2, and the result is given in Table 3-3 along with the size of the Cr2Nb particles, 2𝑟, 

and the interparticle spacing, 2𝜆. The results demonstrate that 𝛥𝑎′′ is on the same order as 2𝑟𝑏 

for small particles, suggesting localized activation events at the small particles. However, caution 
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must be taken while interpreting 𝛥𝑎′′ because it is not the true activation area. In fact, 

understanding the physical meaning of 𝛥𝑎′′ is difficult because local dislocation climb is a multi-

step process requiring many coordinated thermodynamic events. In addition, the inhomogeneous 

distribution of the size and locations of the particles and the non-uniform stress distribution within 

the material resulting from load-shedding to the large particles further complicate the case. 

Assuming that 𝛥𝑎′′ does not deviate much from the true activation area, the result suggests that 

dislocation detachment or general climb are not controlling the creep rate since 𝛥𝑎′′ ≪ 2𝜆𝑏.  

 

Table 3-3 The operational activation area for GRCop-84 resolved in 𝒃𝟐  in comparison with the 

diameter (𝟐𝒓) of both small and large Cr2Nb particles and the interparticle spacing (𝟐𝝀). 

 

 

 

Eqn. 3.4 can be applied to describe steady-state creep of GRCop-84, assuming that the difference 

in creep rates across different steady states can be attributed to the difference in mobile 

dislocation densities. The same equation also considers the internal stress acting on the rate-

determining dislocations, 𝜎𝑠, as a sum of the back stress resulting from dislocation-particle 

interactions and the forward stress caused by dislocation-dislocation interactions. Since 𝜎𝑠 only 

depends weakly on applied stress and the exact dependence is unknown, as a first approximation, 

the creep equation takes the average of the three 𝜎𝑠 values from Table 3-2, -9 MPa. As the creep 

equation is very similar to that constructed in Ref. [14] for GlidCop despite different 𝜎̂ and 𝛥𝐹 

values, other details and limitations of this approach are not described here. Fig. 3-4 shows the 

model fit of the steady-state data from both the present investigation and previous studies [3]. A 

satisfactory fit of the data is achieved.  

𝛥𝑎′′ 2𝑟 (small particles) [7] 2𝑟 (large particles) [7] 2𝜆 [7] 

250 𝑏2 220 𝑏 900 𝑏 2080 𝑏 
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Fig. 3-4 Double logarithmic plots of steady state creep rate versus applied stress for GPCop-84 crept at 923 

K. The steady state creep rates under the initial stresses (𝜖𝐴̇) are demonstrated by the solid symbols, and the 

open symbols with plus signs represent the steady state creep rates under the reduced stresses (𝜖𝐷̇). The 

creep data from Ref. [3] are also included. The solid line shows the model fit (Eqn. 3.4) to the 

creep data for the present approach. 
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3.4  Conclusions 

The results of the constant-structure creep tests on GRCop-84 at 923 K demonstrate that: 

The creep mechanism is confirmed to be local dislocation climb. The mechanical strength of the 

obstacles is 250 MPa, and the activation energy follows that of self-diffusion in Cu. 

The operational activation area was determined to be 250𝑏2, which is much smaller than the 

interparticle spacing 2𝜆 times 𝑏. This finding supports the interpretation that the rate-controlling 

deformation mechanism is local climb at the smaller particles instead of dislocation detachment 

or general climb. The back stress acting on the ready-to-climb dislocations was measured to be 

approximately -9 MPa. The steady-state creep behavior of GRCop-84 can be described by 

substituting the effective stress for the applied stress in a thermally activated creep model. 
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Chapter 4 Mechanisms of Creep Deformation in a Rapidly Solidified Al-Fe-V-

Si Alloy1 

 

4.1  Introduction 

The success of any new high temperature aluminum alloy is contingent upon its ability to withstand 

significant loads in an elevated temperature environment. In particular, this requirement must be met 

when designing various aerospace components and energy conversion structures. Some examples of 

alloys that have been proposed for such applications include the Al-Fe-Ce and Al-Fe-Ni systems, 

and oxide dispersion-strengthened (ODS) aluminum [1-4]. Ultimately, the goal of developing these 

high temperature aluminum alloys is to extend their maximum service temperature to three quarters 

of the melting temperature, or 700 K.

 

One particular class of alloys that has shown promise for elevated temperature applications is the 

rapidly solidified Al-8.5 wt% Fe-1.3 wt% V-1.7 wt% Si alloy (FVS0812) developed by Allied Signal 

Metals and Ceramics Laboratory [5]. This processing method provides the material with an 

extremely fine scale microstructure of approximately 27 volume percent Al13(Fe,V)3Si dispersoids 

uniformly distributed throughout the aluminum matrix [6-10]. The substitution of V for Fe in the 

silicide phase has been found to stabilize its body centered cubic structure to temperatures 

approaching 800 K [5]. This high temperature stability provides an explanation of how these alloys 

retain such a high percentage of their room temperature strengths at elevated temperatures. Because 

this alloy was designed for rapid solidification processing, it is also an excellent candidate for 
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additive manufacturing, which also involves very high cooling rates. Recently, this material has 

received renewed attention for its potential to be manufactured by selective laser melting andelectron 

beam melting, especially because it has been proven that the same uniform distribution of the 

particles can be achieved [11, 12]. 

 

Even though the steady-state creep behavior of FVS0812 has been studied by various researchers [8, 

10, 13-16], a satisfactory physical description of the creep mechanism has not been reached. 

Abnormally high stress exponents and activation energies compared to those of pure metals and solid 

solution alloys were observed and rationalized using a phenomenological threshold stress approach, 

which relies on a threshold stress that is subtracted from the applied stress [8, 10, 13-15]. However, 

the physical origin of this threshold stress is still not known. One possibility is to attribute the 

threshold stress to the increase of dislocation line length during local climb or general climb over the 

particles, but they have not been proven to be the rate-controlling deformation mechanism. 

Alternatively, the physics-based Rösler-Arzt (RA) model [17] that is based upon the thermally 

activated detachment of dislocations from particles was applied in some of these previous studies. 

However, rather poor fitting was obtained despite extensive efforts, indicating that the basic 

hypothesis of dislocation detachment control of creep is not consistent with the data. In fact, the 

reason the RA model does not work for FVS0812 is that the particle/matrix interface is coherent, yet 

the RA model can only describe creep in DS alloys with incoherent interfaces. Therefore, it is highly 

desirable to mechanically determine the rate-determining creep mechanism for FVS0812 before a 

physically justified creep equation can be applied to describe this material.  
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The above research goal can be achieved by including a set of stress change creep experiments that 

mechanically probe the material’s strain response to a sudden stress change within a very short 

amount of time, during which the creep microstructure can be assumed to be constant. These so-

called constant structure creep tests have been proven to be capable of revealing the rate-controlling 

deformation mechanisms and applied to several dispersion-strengthened (DS) copper alloys with 

success in our recent studies [18, 19]. 

 

In the present study, the constant stress creep behavior of FVS0812 is examined, and its deformation 

resistance is compared to other high temperature aluminum alloys. In addition, the effect of aging 

on creep of the Al-Fe-V-Si alloy is investigated to examine the thermal stability of the microstructure 

and provide insight as to the suitability of the material in various elevated temperature applications. 

Finally, the operating deformation mechanisms are probed by performing stress reduction creep 

experiments to determine creep rates under constant microstructural conditions.  

 

4.2 Experimental 

An Al-8.5 wt% Fe-1.3 wt% V-1.7 wt% Si alloy (designated FVS0812 and also known as alloy 8009) 

was prepared by the rapid solidification/powder metallurgy techniques developed at Allied Signal 

Metals and Ceramics Laboratory. The alloy was first heated into molten state in a planar flow casting 

system and then rapidly solidified into thin ribbons at a quench rate of at least ~105-107 K/s. The 

ribbons were converted to powder by a comminution process and then degassed and hot pressed in 

vacuum at 623 K to form billets. The billets were further consolidated by conventional hot extrusion 

at 673 K [20, 21]. A more detailed description of the processing history can be found in Carreño and 

Ruano [16]. This processing route produces ~27 vol% of a coherent, metastable Al13(Fe,V)3Si 
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dispersoid phase (40-80 nm radius) [7] that is uniformly distributed throughout the grain boundaries 

and grain interiors (grain diameter ~ 500 nm) [22] of the Al matrix. Creep specimens of 35.56 mm 

gauge length were machined from 1 mm sheets and polished using 240 to 600 grit silicon carbide 

paper to produce a smooth, uniform surface. Unaged specimens (designated UA) were then annealed 

in nitrogen for one hour at 673 K to relieve any internal stresses remaining from the machining 

process. Medium temperature aged (MTA) specimens were annealed in nitrogen for 200 hours at 

698 K and high temperature aged (HTA) specimens were annealed in nitrogen for 200 hours at 798 

K. All specimens were water quenched to room temperature following the annealing process. 

Tensile creep tests were performed on a constant true stress vacuum creep machine at test 

temperatures ranging from 573 to 823 K at temperature intervals of 50 K and test pressures equal to 

or lower than 4 x 10-3 Pa. The strain was measured by a Schaevitz 200 HR linear variable differential 

transformer (LVDT) attached to the load train outside the furnace. Stress reduction creep tests were 

conducted at 573 K from initial stresses (𝜎𝑖𝑛) of 207 MPa and 186 MPa and at 673 K from a 𝜎𝑖𝑛 of 

136 MPa to reduced stresses (𝜎𝑟𝑒𝑑) that correspond to 10%, 25% and 35% stress reductions. The 

details of the test conditions of stress reduction creep experiments are shown in Table 4-1. Those 

tests were performed on the same machine by rapidly removing part of the load at ~10% creep strain 

after secondary creep was reached under the initial stress. The error on the applied stress associated 

with the creep load and the lever arm is within 2%. Here we use the notation from Biberger and 

Gibeling [23] to describe the creep rates at different stages. The steady-state creep rate that 

corresponds to the initial stress is denoted 𝜖𝐴̇ . The immediate strain rate response to the stress 

reduction at constant creep microstructure was recorded as the constant-structure creep rate, 𝜖𝐶̇ . 

Therefore, 𝜖𝐶̇  represents the rate of deformation under the reduced stress acting upon the 

microstructure established by the initial stress. The specimens were then allowed to deform under 
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the reduced stress to the new steady state, where the steady-state creep rate that corresponds to the 

reduced stress, 𝜖𝐷̇, was also recorded and compared to 𝜖𝐶̇. Only one stress reduction was performed 

for each specimen.  

 

Transmission electron microscopy was performed on a Philips EM-400 TEM to investigate the 

probable change in particle size and distribution after aging. Traditional mechanical sample 

preparation methods were utilized in which the samples were ground and polished to ~100 μm, 

dimpled to ~25 μm and finally ion milled for 40–100 hours.  

 

Table 4-1 Initial and reduced stresses used in the stress reduction creep tests on FVS0812 at 

573 K and 673 K. 

𝑇 (K) 𝜎𝑖𝑛 (MPa) 𝜎𝑟𝑒𝑑 (MPa) 

573 207 186, 155, 134 

573 186 167, 138, 121 

673 136 122, 102, 89 

 

4.3 Results and Discussion 

4.3.1 Creep Curves and Steady-State Creep Properties 

Fig. 4-1 shows two example creep curves of FVS0812 deformed at 673 K under stresses of 110 

MPa and 97 MPa. Classic primary, secondary and tertiary regimes are observed. The creep curves 

are typical for all creep tests performed in the current investigation. Normal primary creep (creep 

rate decelerates to steady state) is present for FVS0812, which was also observed in two other 

studies [9, 15]. The normal primary was attributed to the reduction in mobile dislocation density 

caused by subgrain boundary formation and dislocation pinning by particles in recent observations 

of DS-Cu alloys [18, 19]. These features were also observed in a microstructural study on creep in 

FVS0812 provided by Peng, et al. [10]. The creep ductility is generally good for FVS0812 at ~10% 
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for temperatures below 773 K and ~25% at 773K and 823 K. The increase in creep ductility may be 

accompanied with particle coarsening at high temperatures, which is discussed in detail in the next 

section. 

 

The steady-state creep rates of FVS0812 over a wide range of temperatures and stresses are shown 

in Fig. 4-2. For comparison, the data of Oliver and Nix [24] for an extruded Al-0.53 wt% C-1.5 wt% 

O- 0.09 wt% Fe alloy (ODS Al, ~4 vol% Al2O3, grain diameter unreported), the data of Yaney and 

Nix [1] for an extruded Al-8.4 wt% Fe-3.6 wt% Ce alloy (20 vol% Al13Fe4, fine grain size as 

described), and the data of Carreño and Ruano for an extruded Al - 11.7 wt% Fe - 1.15 wt% V - 2.4 

wt% Si alloy (FVS1212, 36 vol% Al13(Fe,V)3Si, grain diameter ~ 500 nm) [25] are shown at 

overlapping stresses and temperatures in the same plot. In general, the FVS0812 alloy exhibits 

superior creep strength compared to ODS Al and the Al-Fe-Ce alloy except for 773 K where Oliver 

and Nix [24] reported threshold behavior under the two stresses tested, resulting in a dramatic 

decrease in creep rate (the original paper plotted all data together with modulus compensated stress 

and the two data points at 773 K showed threshold behavior that is not apparent in Fig. 4-2). However, 

threshold behavior was not observed for FVS0812 in this study.  On the other hand, the creep strength 

of FVS1212 is superior to FVS0812 over all tested stresses and temperatures as expected due to its 

higher volume fraction of particles. The creep rates obtained in this study compare favorably to the 

results of previous studies [8, 10, 13] for the same material, albeit some of the present creep rates are 

lower than in other studies. This slightly greater creep resistance can be attributed to the fact that the 

initial heat treatment at 673 K (absent in other studies) alleviated the undesirable effects caused by 

the internal stresses from powder metallurgy and machining process, and that a test temperature of 

573 K was not high enough to produce the same stress relief effect. Nonetheless, annealing the 
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material at an even higher temperature is not advisable because it might cause particle coarsening 

and thus loss of strength, as discussed in detail below.  

 

  



 

 

75 

 

 

 

 

 

Fig. 4-1 Example creep curves of FVS0812 deformed at 673 K under applied stresses of 110 MPa and 97 

MPa showing classic primary, secondary and tertiary regimes.  
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Fig. 4-2 Double Logarithmic plot of steady state strain rate versus true stress for FVS0812 determined in the 

present study (solid symbols), ODS Al [24] (open symbols), Al-Fe-Ce [1] (open symbols with plus sign), 

and FVS1212 [25] (open symbols with cross sign).  
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The simplest form of the power-law relationship between creep rate and stress is given by [26]: 

 𝜖𝑆̇𝑆 = 𝐴𝜎𝑛𝑒𝑥𝑝 (−
𝑄𝑐

𝑅𝑇
) (4.1) 

 

where 𝜖𝑆̇𝑆 is the steady-state creep rate, A is a material constant, σ is the applied stress, 𝑄𝑐 is the 

apparent activation energy for creep, R represents the gas constant, and T is the absolute temperature. 

The stress exponent, 𝑛, for dislocation creep is usually in the range of 3 to 8 or for diffusional creep 

is in the range of 1 to 2 and can be explained by well-understood creep mechanisms [26, 27]. 

However, much higher stress exponents shown in Table 4-2 have been found for the FVS0812 alloy, 

so the simple power-law is not able to rationalize the underlying creep behavior. The 𝑛 values 

obtained in this study are consistent with those in multiple other studies [8-10, 13] of FVS0812 and 

those for a rapidly solidified FVS1212 alloy reported by Pharr, et al. [22]. The activation energies 

were calculated from the creep data between two neighboring isotherms, and an average activation 

energy equal to 365 ± 44 kJ/mol was identified. This number is also in reasonable agreement with 

several other studies [8-10, 13, 15]. 𝑄𝑐 is much higher than the activation energy of self-diffusion in 

aluminum (142 kJ/mol) and still larger than that for diffusion of any of the alloying elements: Fe, V, 

Si, in Al [28-30], suggesting that creep deformation is not diffusion-controlled. The observed high 

𝑛 and high 𝑄𝑐 is a common trait for DS alloys, and as mentioned in the Introduction, limited success 

has been obtained in rationalizing them using the threshold stress approach or the RA approach. A 

more detailed discussion is given in Section 3.3 by including constant structure creep results. 
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Table 4-2 Stress exponents, 𝒏 , in the power-law equation of creep for unaged FVS0812 and the 

coefficient of determination, 𝑹𝟐, of the linear fit in the power-law model. 

Temperature (K) 𝑛 𝑅2 

573 18 0.99 

623 16 0.76 

673 17 0.99 

723 13 1.00 

773 14 0.99 

823 14 0.98 

 

4.3.2 Aging Effects on Creep 

The effect of aging on the creep behavior of FVS0812 is shown in Fig. 4-3. The results of creep 

experiments on the MTA specimens reveal that the effect of a static anneal at 698K on the creep 

performance of FVS0812 is negligible, in agreement with an earlier study on FVS1212 which 

showed that rapidly solidified Al-Fe-V-Si is stable both in microstructure and room temperature 

mechanical properties for moderate annealing times at temperatures up to 773 K [31]. On the other 

hand, the current results show that aging at 798 K leads to a severe reduction in the creep resistance 

of the FVS0812 alloy in that the steady-state strain rate of the HTA specimens is nearly 10 times  

that of their unaged counterparts at equivalent test stresses and temperatures. The major reason for 

the degradation is shown qualitatively in Fig. 4-4, where the particles significantly coarsened after 

HTA but underwent no noticeable change after MTA compared to the UA condition. Other effects 

such as the coarsening of grains have been shown to have limited effects on the mechanical 

properties of FVS0812 [32, 33]. Since it is clear that microstructural and mechanical transition takes 

place when the Al-Fe-V-Si alloys are exposed to temperatures near 800K, caution is warranted for 

long-term services at such high temperatures. 
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Fig. 4-3 Comparison of the steady state creep rates of UA FVS0812 (solid symbols) to their medium 

temperature aged (MTA, empty symbols) and high temperature aged (HTA, empty symbols with plus sign) 

counterparts. 
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Fig. 4-4 TEM images revealing Al13(Fe,V)3Si dispersoids in (a) UA; (b) MTA; and (c) HTA FVS0812. 
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4.3.3 Constant Structure Creep Properties 

Recent work on dispersion-strengthened copper alloys has shown that the results of stress reduction 

tests during creep reveal important mechanistic information about creep behavior in these systems 

[18, 19]. Such tests capture the instantaneous strain rate response of the material to a sudden stress 

change, which reflects the dislocation kinetics of the rate-controlling deformation mechanism within 

the material. For the DS-Cu alloys, 𝜖𝐶̇ is found to be greater than 𝜖𝐷̇ at the same reduced stress, 

which means that the creep rate immediately after the stress reduction will reduce to the new steady-

state value as the microstructure evolves following the stress reduction. This behavior is attributed 

to the decrease in the dislocation density between the particles and the weakening of dislocation pile-

ups in front of the particles which aid forward dislocation motion. An important question is whether 

similar behavior is observed in DS alloys systems based on other matrix metals. In order to further 

understand the deformation mechanisms in FVS0812, stress reduction creep tests were conducted at 

573 K and 673 K and an example creep curve of the stress reduction strain transient is given in Fig. 

4-5.  
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Fig. 4-5 An example creep curve that shows the stress reduction transient of a FVS0812 specimen crept at 

673 K with an initial stress of 136 MPa and a reduced stress of 102 MPa. The slopes that correspond to the 

steady-state creep rate under the initial stress, 𝜖𝐴̇, and the constant-structure creep rate, 𝜖𝐶̇, are indicated in 

the plot. The arrow shows that the sample will creep onwards and reach a new steady state with a creep rate 

of 𝜖𝐷̇. 
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The figure clearly shows that after the stress reduction, 𝜖𝐶̇ is greater than and will decrease to 𝜖𝐷̇. 

This trend for the stress reduction transients is representative for all experiments. This behavior 

closely resembles that of two DS-Cu alloys, GlidCop (a Cu alloy strengthened by Al2O3 dispersoids) 

and GRCop-84 (a Cu alloy strengthened by Cr2Nb particles), as our recent studies find the exact 

same trends in stress reduction transients [18, 19]. For GlidCop, the constant structure and steady-

state creep are controlled by a synergistic effect between near-particle dislocation-dislocation 

interactions and dislocation detachment from particles. For GRCop-84, the creep rates are controlled 

by near-particle dislocation-dislocation interactions and local climb.  

 

In order to determine the rate-controlling mechanism in FVS0812, the activation area, 𝛥𝑎′′, is 

derived from the constant-structure creep results. In the thermally activated dislocation glide 

framework, the activation area is related to the strain rate and the applied stress as: 

 𝜖̇ = 𝜖0̇ 𝑒𝑥𝑝 (−
𝛥𝐺

𝑘𝐵𝑇
) = 𝜖0̇ 𝑒𝑥𝑝 (−

𝛥𝐹 − 𝜎𝑏𝛥𝑎′′/𝑀

𝑘𝐵𝑇
) (4.2) 

 

where 𝜖0̇ is the reference strain rate, 𝑘𝐵 is the Boltzmann constant, and 𝛥𝐺 is the Gibbs free energy 

of activation. 𝛥𝐺 is the thermal energy needed for the dislocations to overcome the barrier, and can 

be written as the total activation barrier energy, 𝛥𝐹  (also called the Helmholtz free energy of 

activation), reduced by the external work done by the applied stress, 𝜎𝑏𝛥𝑎′′/𝑀, where 𝑏 is the 

Burgers vector and 𝑀 is the Taylor factor. Here, 𝑏 is 0.286 nm for Al and 𝑀 is 3.06 for a randomly 

oriented FCC crystal. Physically, 𝛥𝑎′′  describes the area swept by the dislocation during the 

activation event, and thus 𝛥𝑎′′ should be close to the separation of the rate-controlling obstacles 
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times 𝑏. Operationally, 𝛥𝑎′′ can be determined by taking the derivative of 𝑙𝑛𝜖𝐶̇ with respect to 𝜎 in 

Eqn. 4.2: 

 Δ𝑎′′ =
𝑀𝑘𝐵𝑇

𝑏
⋅
𝜕𝑙𝑛𝜖𝐶̇

𝜕𝜎
|
𝑇,𝜎̂𝑖

  (4.3) 

 

where 𝜎̂𝑖  describes the flow strengths provided by the microstructural features (e.g. subgrains, 

dislocation forests, particles). Since this derivative is evaluated at constant 𝑇 and 𝜎̂𝑖, it is necessary 

to use the constant structure creep rates obtained by a set of stress reduction creep tests conducted 

at a constant temperature. Using the steady-state creep rates to determine Δ𝑎′′  will not be 

meaningful because the microstructure is different across different steady states. 

 

Caution must be taken before applying Eqn. 4.3 in that FVS0812 features a high volume fraction of 

relatively large particles and must be treated as a composite. The actual stress acting on the 

dislocations in the matrix needs to take into account the load transfer from the matrix to the particles 

to obtain accurate results for Δ𝑎′′. Since TEM studies of dislocation-particle interactions in creep of 

FVS0812 do not reveal shearing of particles and creation of antiphase boundaries [9, 10, 15], here 

we adopt the expression of Hong, et al. [34] for composites strengthened by non-deformable 

particulates, which is a simplified version of the original model from Nardone and Prewo [35]: 

 𝜎𝑒𝑓𝑓 = 𝜎 [1 −
𝑓 ⋅ (

𝑆
2 + 1)

𝑓 ⋅ (
𝑆
2 + 1) + (1 − 𝑓)

]  (4.4) 

 

where 𝜎𝑒𝑓𝑓 is the effective stress on the matrix after accounting for load transfer, 𝑓 is the volume 

fraction of the particles, and 𝑆 = 1 is the aspect ratio of the particles. We note that 𝜎𝑒𝑓𝑓 is linearly 
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proportional to 𝜎 and the proportionality is only a function of 𝑓 and 𝑆, which are constants since 

only one material is under consideration. Therefore, this correction of the applied stress only shifts 

the data on the double logarithmic strain rate-stress plot horizontally to the left and does not affect 

the stress exponent and the apparent activation energy determined earlier. Nevertheless, the amount 

of load transferred to the particles was calculated to be 36% of the applied load, which is certainly 

too large to ignore in the calculation of Δ𝑎′′.    

 

The results of the stress reduction creep experiments are given in Fig. 4-6, where 𝜎𝑒𝑓𝑓 is taken to be 

64% of the applied stress in all cases. Again, the relation of 𝜖𝐶̇ > 𝜖𝐷̇ is universal among all tests. 

The activation areas derived from Eqn. 4.3 with corrected 𝜎𝑒𝑓𝑓 are given in Table 4-3. It appears 

that 𝛥𝑎′′ for FVS0812 at 573 K is fairly low at ~40𝑏2 and at 673 K is ~175𝑏2, both of which are 

significantly less than the average interparticle spacing, 2𝜆, times 𝑏 and the average particle size, 2𝑟, 

times 𝑏. The values of 2𝜆 and 2𝑟 were determined by Peng, et al. [10] to be 131 nm and 47 nm, 

respectively. It has been noted that 𝛥𝑎′′ for the dislocation detachment mechanism is approximately 

equal to 2𝜆𝑏 [18], and 𝛥𝑎′′ for the local climb mechanism is close to 2𝑟𝑏 [19]. In both cases 𝛥𝑎′′ 

correlates well with the length scale of their respective obstacles. For general climb, 𝛥𝑎′′ should also 

be ~2𝜆𝑏 in theory. In addition, the theoretical threshold stress associated with general climb [36] is 

on the order of 0.002-0.04 times the Orowan stress (150-220 MPa for FVS0812 in this study and 

refs. [10, 13, 14]). However, the threshold stresses measured in refs. [10, 13, 14] are in the range of 

50-110 MPa, which are much higher than those for general climb. Therefore, the rate-determining 

deformation mechanism in FVS0812 is unrelated to these three specific types of dislocation-particle 

interactions and appears to operate on a smaller length scale.  
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Fig. 4-6 Double logarithmic plots of both constant structure and steady-state creep rates versus true applied 

stress for FVS0812 at (a) 573 K; and (b) 673 K. The black arrows indicate the initial stress before stress 

reduction. The solid lines represent the linear fit for 𝜖𝑆̇𝑆 on a double logarithmic scale that describes the 

power-law relation given in Eqn. 4.1. The dashed lines exhibit the linear fits for 𝜖𝐶̇𝑆 on a semilogarithmic 

scale (curved in the current double logarithmic plots) that describes the exponential relation given in Eqn. 

4.2.  
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Table 4-3 The operational activation areas for FVS0812 resolved in 𝒃𝟐 determined from two sets of 

stress reduction creep experiments. A comparison with the average interdislocation spacing (𝒍) , 

particle size (𝟐𝒓), and interparticle spacing (𝟐𝝀) is also provided. 

𝛥𝑎′′ 𝑇 (K) 𝜎𝑖𝑛 (MPa) 𝜎𝑒𝑓𝑓 (MPa) 𝑙 2𝑟 2𝜆 

38 𝑏2 573 207 133 130 𝑏 329 𝑏 458 𝑏 

41 𝑏2 573 186 120 145 𝑏 329 𝑏 458 𝑏 

176 𝑏2 673 136 88 186 𝑏 329 𝑏 458 𝑏 

 

Since neither the dislocation detachment nor climb models are relevant to FVS0812, the rate-

controlling deformation mechanism should alternatively be focused on the dislocation network 

between the particles. As a first approximation, we assume the average inter-dislocation spacing, 𝑙, 

to follow the Taylor hardening equation: 

 𝑙 =
𝑀𝛼𝜇𝑏

𝜎
  (4.5) 

 

where 𝛼 is the Taylor hardening constant and is equal to 0.2 for Al [37], and the shear modulus 𝜇 

for FVS0812 is taken from Pickens [38]. The temperature dependence of 𝜇 is assumed to be similar 

to that of Al [27]. The resulting values are given in Table 4-3. It is evident that 𝛥𝑎′′ is much closer 

to 𝑙𝑏 than to the two particle parameters (2𝑟𝑏 and 2𝜆𝑏). More importantly, 𝛥𝑎′′ captures a stress 

dependence similar to that of 𝑙 , which serves as strong evidence that dislocation-dislocation 

interactions are the rate-determining deformation mechanism. Microscopically, high-density 

dislocation networks have been observed in dispersoid-sparse regions in FVS0812 [10]. We further 

note that unlike GlidCop that has a virtually pure Cu matrix, the matrix of FVS0812 is an Al-0.5 at. % 

Fe supersaturated solid solution [39] (resulting from rapid solidification) so that the additional 

pinning and unpinning of mobile dislocations by solutes (not to be confused with solute drag) can 

also be relevant. In fact, another study on Al solid solutions has shown that activation areas for solute 

control is on the order of 100 𝑏2 [40], which is similar to what has been determined for FVS0812. 
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Decoupling the contributions of the two interactions requires extensive efforts of stress reduction 

creep tests carried out from a variety of initial stresses to generate a Haasen plot for this material, 

which is beyond the scope of the present paper. 

 

Identification of the creep mechanism immediately leads to two questions. The first question is 

related to the unsolved problem of rationalizing the high stress exponent and apparent activation 

energy. If the threshold stress model were to be used, how could a threshold stress be justified if 

none of the Orowan bowing mechanism, climb mechanisms, or dislocation detachment mechanism 

is controlling the rate? The second question is related to the observed form of the stress reduction 

transients in particle-strengthened metals. Why does FVS0812 exhibit the same stress reduction 

transients (𝜖𝐶̇𝑆 > 𝜖𝑆̇𝑆) as those observed in DS-Cu alloys, where the creep rate is controlled by 

dislocation-particle interactions? And why does FVS0812 not show the opposite stress reduction 

transient (𝜖𝐶̇𝑆 < 𝜖𝑆̇𝑆) that is widely observed in pure metals and class M alloys, where the creep rate 

is controlled by forest dislocations [41-43]?  

 

The first question can be answered by considering the role that the particles play in this material. 

Besides being load carriers, they are also physical barriers that obstruct dislocation motion, which 

could lead to long-range back stresses on the dislocations in the network. In fact, Carreño and Ruano 

[16] phenomenologically separated the contribution of the matrix and the particles to creep 

deformation, and they determined a stress exponent of 8 for the matrix, which corresponds to a 

dislocation creep mechanism without subgrain coarsening. However, the physical origin of the stress 

dependence of creep caused by the particles still remains unclear. A possible mechanism is provided 

as follows: when dislocations approach the particles that have a much greater shear modulus than 
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the matrix, they are subject to repulsion because of the significant difference of shear moduli between 

the matrix and the particles. A coherent particle/matrix interface is not likely to relax the repulsive 

force by diffusion or slip. However, this argument remains speculative so far because quantitatively 

measuring or modeling this back stress is difficult in that the temperature-dependent shear modulus 

and the Poisson’s ratio of the precipitate are unknown. Future work is needed to provide this 

information by either experiment or simulation.  

 

The second question can be answered by another important role that the particles play in FVS0812. 

The increasing creep rate after stress reduction observed in pure metals and class M alloys is ascribed 

to the coarsening of subgrains so that the obstruction of dislocation glide is reduced until the 

substructure reaches a strength that is appropriate for the reduced stress. This effect overwhelms the 

excess dynamic recovery of mobile dislocation density caused by the stress reduction that will 

otherwise decrease the creep rate. However, since the coarsening process is inhibited by the presence 

of the particles in FVS0812, a decreasing creep rate from the constant-structure regime to the new 

steady-state regime is indeed expected in this material as previously observed in two particle 

strengthened copper alloys [18, 19]      

 

4.4 Conclusions 

The results presented in this work show that FVS0812 exhibits superior creep resistance compared 

to ODS Al and Al-Fe-Ce at high stresses and temperatures below 773 K. However, ODS Al is 

superior to FVS0812 when the test temperature reaches 773 K. The present data demonstrate that 

the activation energy for creep in this alloy is 365 ± 44 kJ/mol, a value similar to that obtained for a 

related alloy, FVS1212. This large activation energy, along with stress exponents of 13 and above, 
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indicates that creep does not occur by a simple diffusion-controlled power-law mechanism. In 

addition, the effort in fitting the creep data to the Rösler-Arzt model has also not been satisfactory, 

suggesting that the actual controlling mechanism is not the dislocation detachment process.  

The operational activation areas for FVS0812 determined by stress reduction creep experiments and 

thermally activated glide analysis are ~40 𝑏2 at 573 K and ~175 𝑏2 at 673 K, which are much lower 

than the average interparticle spacing or the particle size times the Burgers vector. Instead, the 

activation areas are similar to those of dislocation-dislocation and dislocation-solute interactions, 

suggesting that these mechanisms control creep deformation of FVS0812 and that the particles play 

an indirect role. Finally, aging for 200 hours at 698 K has little or no effect on creep performance of 

the Al-Fe-V-Si alloy. In contrast, a reduction in creep resistance was observed in the samples that 

were aged for 200 hours at 798 K due to particle coarsening.   
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Chapter 5 Tensile Creep Properties of a CrMnFeCoNi High-Entropy Alloy1  

 

5.1 Introduction 

In recent years, the advent of high-entropy alloys (HEAs) and multi-principal element alloys 

(MPEAs) has brought forth new opportunities to discover and design structural materials with 

attractive mechanical properties [1, 2]. One of the most studied candidates is equiatomic 

CrMnFeCoNi, which features a uniform FCC single phase over a wide range of temperatures [3, 

4]. Several studies suggest that this alloy possesses a good combination of strength and ductility, 

especially at lower temperatures [5-7]. The simplicity of its structure combined with a 

distribution of atomic species also make CrMnFeCoNi an excellent candidate for the matrix of 

an oxide-dispersion-strengthened (ODS) alloy or a metal matrix composite (MMC) for high 

temperature applications. For example, Dobeš, et al. [8] described an yttrium oxide strengthened 

CrMnFeCoNi alloy, which has superior creep strength over conventional ODS alloys based on 

pure metal or dilute alloy matrices (e.g. ODS-Cu [9], ODS-Fe-Cr [10]). To further explore the 

promises of creep-resistant alloys based on CrMnFeCoNi, it is essential to have a fundamental 

understanding of the creep properties and underlying deformation mechanisms of this matrix 

alloy.  

 

Several researchers have examined the deformation behavior of CrMnFeCoNi at elevated 

temperatures: Cao, et al. [11] and Kang, et al. [12] investigated tensile creep behavior of 

CrMnFeCoNi at intermediate temperatures (773 K - 923 K) and discovered a transition of
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mechanisms from dislocation climb to viscous glide, and then to power-law breakdown. 

However, the formation of second phases (e.g. Cr-rich σ phase [13, 14]) at such temperatures can 

add ambiguity to the interpretation of the creep results as evidence shows that dislocations 

readily interact with these precipitates [15]. Dobeš, et al. [8] studied the compressive creep 

behavior of an ultrafine-grained version of the alloy (~0.8 µm in size) at higher temperatures 

(973 K – 1073 K) and reported a stress exponent of 6 which seems to indicate dislocation climb 

as the rate-controlling mechanism. Nonetheless, the small grain size can obscure the comparison 

of the stress exponent with conventional alloys, for which creep tests are normally done on 

coarser-grained materials [16]. He, et al. [17] carried out high temperature tensile tests (1023 K – 

1123 K) and found a dependence of strain rate on flow stress with a stress exponent of 3 over the 

same stress range as Dobeš, et al. [8], suggesting glide-controlled creep. Under higher stresses, a 

transition to five-power-law creep was observed. However, there are challenges in obtaining 

creep correlations from displacement-controlled tensile tests at elevated temperatures related to 

uncertainty as to whether steady state flow is achieved.  

 

In the present study, we report on the tensile creep properties of CrMnFeCoNi with an 

intermediate grain size in the high temperature regime (1023 K – 1173 K) under constant true 

stress conditions. In addition, we provide insights into the rate-controlling deformation 

mechanism(s) for CrMnFeCoNi through analyses of creep data and characterizations of steady-

state creep microstructure.  
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5.2 Experimental 

Equiatomic CrMnFeCoNi used in this study was produced by arc-melting and drop casting using 

the procedures described in Ref. [18]. The as-cast material was homogenized in vacuum at 1473 

K for 24 hours and rolled at room temperature to a thickness of ~1 mm (~95% thickness 

reduction). Flat creep specimens with a gauge section having dimensions of 35.56(L) × 2.54(W) 

× 1.00(H) mm were electrical discharge machined from the cold-rolled sheets. The specimens 

were annealed in a vacuum furnace at 1173 K for 1 hour for complete recrystallization. Before 

creep testing, samples were polished by 400 and 600 grit SiC abrasives to reduce the potential 

influence of surface effects on the creep properties. 

 

Tensile creep tests were performed at constant true stress under vacuum (≤2 × 10−5 torr) 

following the procedures used in our previous studies [19-21]. Test temperatures were chosen 

from 1023 K to 1173 K at 50 K intervals, where formation of second phases is negligible 

throughout the time frame of creep testing [3, 13].  Most tests were conducted to tertiary stage to 

ensure that steady state rates could be measured, although selected tests were interrupted at 

steady state and specimens were furnace cooled under stress to preserve the deformed 

microstructure for further microstructural investigations.  

 

Scanning electron microscopy was conducted on a FEI Scios Dualbeam FIB SEM to investigate 

the grain characteristics of CrMnFeCoNi before and after testing. The initial grain size was 

measured by the line intercept method that conforms to ASTM E1382-97 [22] on micrographs 

showing electron channeling contrast. Selected creep specimens were then characterized by 

electron backscatter diffraction (EBSD) at an operating voltage of 15 kV and the EBSD data 
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were post-processed by an open source toolbox MTEX (version 5.4.0) on Matlab [23] following 

the same procedures as in [21]. All SEM samples were prepared by grinding and polishing down 

to 0.3 µm alumina and then vibropolishing with 0.05 µm colloidal silica for up to 4 hours.  

 

Transmission electron microscopy was performed on a JEOL 2100F-AC TEM at an accelerating 

voltage of 200 kV to examine the dislocation substructure formed under creep deformation. 

Conventional mechanical pre-thinning methods were used for sample preparation, which include 

grinding, 3 mm disc punching, polishing and dimpling. The discs were then perforated by a 

Fischione 1050 TEM ion mill at 5kV, followed by a final polishing at 1 kV for 30 minutes and 

0.5 kV for an hour to alleviate ion beam damage. 

 

5.3 Results and Discussion 

Fig. 5-1 illustrates the microstructure of the creep specimens prior to testing. The grains are fully 

recrystallized and equiaxed after the annealing treatment with an average size of 24 ± 12 μm as 

shown in the histogram. The annealing conditions were tailored to produce an intermediate grain 

size for two reasons: i) the grain size should be coarse enough to avoid grain boundary sliding; 

and ii) the grain size should be fine enough in the thickness direction to ensure that 

polycrystalline behavior is measured. The material consists of a pure (single) FCC phase that is 

precipitate-free despite some sparsely distributed oxide inclusions. The initial microstructure of 

the material is consistent with that in Ref. [24], which provides a more detailed description of 

thermomechanical processing of cold rolled CrMnFeCoNi.  
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Fig. 5-1(a) Backscattered electron micrograph of the microstructure of CrMnFeCoNi after annealing at 

1173 K for 1 hour; (b) Histogram of the grain sizes measured by the line intercept method. The red curve 

shows the Gaussian fit to the histogram.  
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Fig. 5-2 Example tensile creep curves for CrMnFeCoNi samples crept at 1023 K – 1173 K with selected 

stresses that result in similar creep rates. The “×” sign indicates fracture of the creep sample. The inset 

provides an expanded view of the primary creep region. 
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Example creep curves obtained from the creep experiments on CrMnFeCoNi are shown in Fig. 

5-2 and feature classic primary, secondary and tertiary regions. Secondary creep lasts for 

reasonably long periods for this HEA and the creep rates in this region are truly steady-state 

creep rates. These trends are representative for all tests performed in this study. Normal primary 

creep serves as an indication of a decrease in mobile dislocation density before reaching steady 

state, which is typically dominated by the formation of subgrain boundaries in pure metals and 

class M alloys [25].  

 

The relationship between steady-state creep rate, 𝜖𝑆̇𝑆, and applied stress, 𝜎, is shown in Fig. 5-3a, 

which follows the phenomenological power law equation [16]: 

 𝜖𝑆̇𝑆 = 𝐴𝜎𝑛𝑒𝑥𝑝 (−
𝑄𝑐

𝑅𝑇
) (5.1) 

 

where 𝐴 is a material constant, 𝑛 is the stress exponent, 𝑄𝑐 is the apparent activation energy of 

creep, 𝑅 is the ideal gas constant, and 𝑇 is the absolute temperature. 𝑄𝑐 is obtained via the slope of 

the Arrhenius plot given in Fig. 5-3b. The fitted values of 𝑛 and 𝑄𝑐 and their standard deviations 

are summarized in Table 5-1. An almost perfect power-law relation holds between 𝜖𝑆̇𝑆 and 𝜎 and 

gives very consistent stress exponents, 𝑛 = 3.7±0.1, across all four temperatures. No obvious 

transitions between different mechanisms were observed within the temperature and stress ranges 

tested in this investigation. However, the 𝑛 values are below the commonly observed values (4 – 7) 

for dislocation climb-controlled creep [16] but above that (~3) for viscous glide-controlled creep 

[26]. In terms of 𝑄𝑐, the obtained values are slightly lower than the activation energies of tracer 

diffusion in the CrMnFeCoNi matrix (272 – 313 kJ/mol for the five elements [27]). Combined with 
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the fact that 𝑄𝑐 decreases with increasing applied stress, the activation energies of creep in 

CrMnFeCoNi clearly indicate the creep mechanism is a stress-assisted, thermally activated 

process. The above evidence suggests that creep of CrMnFeCoNi at high temperatures is co-

determined by dislocation-dislocation interactions and dislocation-lattice interactions without a 

clear transition between mechanisms. 

 

Table 5-1 Calculated power-law model parameters, 𝒏 , 𝑸𝒄  and their respective coefficients of 

determination 𝑹𝟐.  

 

 

A comparison of the essential creep parameters between our study and previous studies is included 

in Table 5-2. In studies at intermediate temperatures [11, 12], glide control of dislocation motion 

was ascribed to the drag force created by nanoscale segregations of certain species to create 

clusters and/or short-range order (SRO) at dislocation cores. At high temperatures as in the present 

study, the extent of such clustering diminishes because disordering becomes more 

thermodynamically favored, weakening the drag force. In addition, the drag force can be more 

easily overcome at these temperatures due to greater available thermal energy. However, the 

amount of glide resistance does not seem to become completely negligible, as the stress exponent 

remains relatively low. On the other hand, the power-law breakdown behavior observed at 

intermediate temperatures was absent in our study. This may be attributable to the fact that the 

large stress necessary to enable power-law breakdown exceeds the range of the test system.  

 

𝑇 (K) 𝑛 𝑅2 

1173 3.6 ± 0.1 0.997 

1123 3.7 ± 0.1 0.999 

1073 3.8 ± 0.1 0.999 

1023 3.6 ± 0.1 0.995 

𝜎 (MPa) 𝑄𝑐 (kJ/mol) 𝑅2 

80 218.7 ± 15.9 0.990 

60 225.1 ± 10.1 0.996 

40 235.9 ± 10.2 0.996 
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Fig. 5-3(a) Double logarithmic plot of steady-state creep rate versus applied stress for CrMnFeCoNi tested 

from 1023 K to 1173 K at 50 K intervals; (b) Arrhenius plot that shows the temperature dependence of 

steady-state creep rate at three isostresses of 80, 60 and 40 MPa. The calculated activation energies of creep 

are also labeled on the plot. 
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Table 5-2 A comparison of existing creep data for CrMnFeCoNi.  

Studies 𝑛 𝑄𝑐 (kJ/mol) 𝑇 range (K) 𝜎 range (MPa) 

This study ~3.7 ~230 1023 - 1173 20 - 200 

     

Dobeš, et al. [8] ~6.3 
246  973 - 1023 

10 - 85 
704  1023 - 1073 

     

He, et al. [17] 

(High T tensile test) 

~3 (low 𝜎) 284  
1023 - 1123 ~7 - 300 

~5 (high 𝜎) 333  

     

Cao, et al. [11]  
~5.5 (medium high 𝜎) ~270 

773 - 873 130 - 400 
>8 (high 𝜎) ~400 

     

Kang, et al. [12] 
~6 (low 𝜎) ~310 

808 - 923 20 - 100 
~3 (medium low 𝜎) ~250 

 

Interestingly, our results show disagreement when compared to existing studies performed at 

comparable temperatures. He, et al. [17] conducted high temperature tensile tests and reported the 

transition from viscous glide to dislocation climb using a CrMnFeCoNi alloy that has a similar 

grain size (12 – 32 µm) and was tested under similar conditions. Dobeš, et al. [8] discovered a 

uniform but higher stress exponent ~6.3 in compression creep tests of an ultrafine-grained 

CrMnFeCoNi. Both studies performed several stress (or strain rate) jumps in each test and 

obtained multiple steady-state values. Load history and insufficient strain to reach a true steady 

state may affect the reported values. The results of He, et al. are further complicated by the fact 

that oxygen was transported through surface cracks in the later stages of creep, resulting in the 

formation of oxide particles within the material. These difficulties were avoided in our study, 

since only one stress was applied for each sample and tests were conducted in vacuum to tertiary 

creep.  
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In order to explore the possible causes and implications of the above interpretation, a 

characterization of steady-state creep microstructure is provided in the current investigation. 

Figure 4(a) shows the EBSD inverse pole figure (IPF) map of a sample crept at 1073 K and 100 

MPa and interrupted at steady state. No obvious change in grain size was observed compared to 

the undeformed state shown in Figure 1(a). The orientation distribution of pixels is displayed in 

the color key, which demonstrates that the extent of texture formation during creep is very small. 

A smaller area was scanned using a finer step size (~0.2 µm), and the resulting IPF map and its 

corresponding kernel average misorientation (KAM) map are shown in Figure 4(b) and (c). The 

KAM map shows that, within the grains, most regions have misorientations <0.3°. Few 

boundary-like contrasts in the interior of grains are visible with a misorientation of ~0.7°, which 

is well below the >1.5° misorientation for well-defined subgrains reported during creep of class 

M and ODS metals [21, 28, 29]. It is also questionable whether they are subgrain boundaries 

because the misorientation is too small to be considered accurate for conventional EBSD 

technique that typically has an angular resolution ~0.5° [30]. This observation supports our 

earlier hypothesis that creep is partially controlled by lattice glide resistance, where subgrain 

boundaries are difficult to form due to slow recovery [31, 32].   
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Fig. 5-4(a) EBSD IPF map (referenced to the rolling direction) of CrMnFeCoNi crept at 1073 K and 100 

MPa taken at a step size of 0.8 µm. The tensile axis of creep is horizontal in this figure. The circle markers 

on the IPF color key give the distribution of the orientations of pixels; (b) an expanded view of a small 

region in (a) with a finer step size ~0.2 µm to characterize the misorientation in grain interiors; and (c) the 

KAM map for (b).  
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 A further verification was carried out by TEM on the same sample in which no subgrain 

boundary formation was observed. Fig. 5-5a shows high dislocation density and severe 

entanglement within the grain interior, and the (1̅11) slip trace is visible, signifying easy 

dislocation glide. The dislocation substructure closely resembles that of low and room 

temperature deformation under similar plastic strain [33], although stacking faults and 

deformation twins were not observed here. In addition, the dislocation substructure is similar to 

that during creep at intermediate temperatures (773-873 K) [11], despite being less curved and 

more entangled, indicating a lesser extent of dislocation-lattice interaction and a greater extent of 

dislocation-dislocation interaction, which is a natural result of increasing temperature. We 

examined multiple grains, and these observations are representative. With reference to the 

normal primary region observed for CrMnFeCoNi, the absence of subgrain boundaries suggests 

that the decrease in mobile dislocation density during primary creep represents the formation of 

dislocation forests or dynamic recovery, or a combination of both. 

 

It is interesting to compare the primary creep of CrMnFeCoNi with conventional class A alloys 

(e.g. Al-Mg alloys), in which subgrains do not form either. Class A alloys show an “inverted” 

primary creep, where the creep rate accelerates to steady state by the increase of mobile 

dislocation density under stress. It appears that the dislocation density in CrMnFeCoNi is much 

higher than in Al-Mg alloys under a similar modulus compensated applied stress, as the 

dislocations in the latter feature a random distribution with little entanglement [34, 35]. 

Therefore, it can be concluded that dislocation multiplication in CrMnFeCoNi is more rapid than 

in class A alloys during primary creep, while dislocation rearrangement in CrMnFeCoNi is more 

restricted than in class M alloys, as the subgrains do not form.    
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Fig. 5b shows a low dislocation density region of the same creep specimen, where various 

dislocation configurations can be found. The arrows indicate a dislocation multijunction (arrow 

1), and jogs with small (arrows 2) and large (arrows 3) step sizes. These features suggest 

multiple other possible deformation mechanisms than dislocation-lattice interaction and forest 

dislocation cutting such as unzipping of multijunctions and dragging of jogs.  
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Fig. 5-5 TEM micrographs showing the steady-state dislocation substructures of CrMnFeCoNi crept at 

1073 K and 100 MPa: (a) high density dislocation forest within the grain interior, where (1̅11) slip trace is 

also visible; and (b) a low dislocation density region in the same specimen exhibiting various dislocation 

configurations, which are as indicated by the black arrows — arrow 1: a dislocation multijunction; arrows 2: 

small jogs; and arrows 3: large jogs. The sample was aligned to [110] zone axis and tilted to two-beam 

conditions described by the 𝑔 vectors shown in the selected area diffraction patterns. 
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The findings in our study provide important information and raise important questions with 

implications for understanding creep of MPEAs. Since CrMnFeCoNi exhibits characteristics of 

dislocation-lattice and dislocation-dislocation interactions and these mechanisms cannot be 

separated at high temperatures by constant stress creep tests, additional efforts are needed to 

decouple them and quantitatively describe their contributions. One promising way is to conduct 

stress reduction creep tests and study the stress dependence of the activation area. In addition, the 

origin of dislocation-lattice interactions remains unknown, as solute atmospheres do not exist in 

the current MPEA. Beyond speculation of dislocations directly interacting with SRO or 

nanoclusters, another important feature of MPEAs may also play an important role: Ding, et al. 

[36] showed a wide fluctuation of the stacking fault energies on the glide plane due to local 

ordering, and therefore sites with low stacking fault energies may become pinning sites. 

Furthermore, the similarity of room temperature and elevated temperature dislocation 

arrangements suggest that other strengthening effects caused by the compositional complexity 

and atomic randomness of the MPEAs as described recently by Basu and De Hosson and George 

et al. may contribute to the deformation at high temperatures [37, 38]. Therefore, a significant 

amount of future work should be directed to uncovering the origin of dislocation-lattice 

interactions, since this mechanism remains important from room to high temperatures. 

 

5.4 Conclusions 

To conclude, by performing tensile creep tests on CrMnFeCoNi at 1023-1173 K, we obtained 

consistent stress exponents (~3.7) and apparent activation energies (~230 kJ/mol) across all 

temperatures tested. Unlike observations from some other studies, no transition of rate-

controlling creep mechanisms was observed. The activation energy of creep is slightly lower 
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than that of bulk vacancy diffusion measured in tracer experiments and decreases with increasing 

applied stress. EBSD and TEM observations on the steady-state creep microstructure revealed no 

subgrain boundary formation, which is characteristic of class M metals. Dense dislocation arrays, 

similar to those observed at lower temperatures, were observed in some regions while others 

exhibited more widely spaced interacting dislocations. Based on the evidence above, it is 

believed that creep of CrMnFeCoNi of intermediate grain size at high temperatures is determined 

by both dislocation-lattice and dislocation-dislocation interactions.  
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Chapter 6 Elevated-temperature Deformation Mechanisms in a CrMnFeCoNi 

High-Entropy Alloy1  

 

6.1 Introduction 

The recent development of high-entropy alloys (HEAs) and medium-entropy alloys (MEAs), 

together also known as multi-principal element alloys (MPEAs), opens great potential to design 

new alloys with desirable mechanical properties that can meet the challenges of serving under 

extreme conditions [1-4]. A primary example class among all MPEAs is the CrCoNi-based 

single phase FCC alloys that have been shown to possess excellent strength and ductility from 

room temperature down to cryogenic temperatures [5, 6]. In the high temperature regime, despite 

having superior oxidation and corrosion resistance and lower cost compared to their BCC 

refractory counterparts, these alloys are known to have inadequate strength that inhibits their 

direct utility in high temperature applications. However, the advent of oxide dispersion-

strengthened (ODS) MPEAs and high-entropy superalloys (HESAs) [7-9] with CrCoNi-based 

FCC matrices, has enabled an increase in strength to that comparable to Inconel and Ni-based 

superalloys and revealed that the mechanical properties of particulate-strengthened alloys with 

an MPEA matrix can surpass those with a pure metal or dilute alloy matrix. These discoveries 

immediately suggest the need for a systematic understanding of deformation mechanisms in the 

unique FCC MPEA matrix at elevated temperatures, as it is the prerequisite for constructing 

physics-informed models for more complicated particle strengthened MPEAs. 
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A detailed understanding of plastic deformation in the MPEAs relies on the identification of the 

rate-controlling deformation mechanisms and a quantitative description of the dependence of 

flow properties on strain rate, stress and temperature. For metallic materials, these two aspects 

can be described within the framework of thermally activated dislocation glide [10], where the 

rate of deformation is controlled by the rate at which dislocations overcome critical obstacles by 

thermally activated processes. Therefore, the most general form of the plastic strain rate, 𝜀̇,  can 

be written as:  

  𝜖̇ = 𝜖0̇𝑒𝑥𝑝 (−
𝛥𝐺

𝑘𝐵𝑇
) (6.1) 

 

where 𝜖0̇ is the reference strain rate, 𝛥𝐺 is the Gibbs free energy of activation, 𝑘𝐵 is the Boltzmann 

constant, and 𝑇 is the absolute temperature. Δ𝐺 can be further written as: 

 𝛥𝐺 = 𝛥𝐹 − 𝛥𝑊 = 𝛥𝐹 −
𝜎𝑏𝛥𝑎′′

𝑀
 (6.2) 

 

where 𝛥𝐹 is the Helmholtz free energy of activation, 𝛥𝑊 is the external work done by the applied 

stress, 𝜎 is the applied normal stress, 𝑏 is the magnitude of the Burgers vector, 𝛥𝑎′′ is the 

activation area, and 𝑀 is the Taylor factor (3.06 for a randomly oriented polycrystalline FCC metal 

[11]). We apply the original notation from Kocks, Argon, and Ashby [10], 𝛥𝑎′′,  to denote the 

measurable operational activation area in experiments. We also note that in literature, 𝜎 is 

sometimes used to represent shear stress. For clarity, 𝜎 in this paper always refers to normal stress 

and will be converted to shear stress by dividing by 𝑀 where necessary (as in Eqn. 6.2). 𝛥𝐹 

describes the total energy needed for the dislocations to overcome the obstacles, which is the sum 

of the mechanical work done, 𝛥𝑊, and the energy provided by thermal activation, 𝛥𝐺. It can be 
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inferred from Eqn. 6.2 that 𝛥𝐹 is only a function of the nature of obstacles and corresponding 

activation events, whereas 𝛥𝐺 is directly stress dependent.  

 

The activation area, 𝛥𝑎′′, is critical for the determination of the deformation mechanism(s) because 

it can be related to the area swept by the dislocations during activation events and thus gives the 

length scale of the spacing of the obstacles. In addition, the relationship between 𝛥𝑎′′ and the 

applied stress, plastic strain, or composition reflects the stress, strain, or composition dependence 

of the microstructure, which can then be compared to that of well-known mechanisms. For 

example, 𝛥𝑎′′~ 1 𝑏2 for diffusive processes and lattice friction [12, 13], 𝛥𝑎′′~ 100 𝑏2 and scales 

inversely with solute concentration for dislocation-solute interactions in the dilute limit [14], and 

𝛥𝑎′′~ 1000 𝑏2 and scales inversely with applied stress (or plastic strain) for forest dislocations 

[15]. Operationally, 𝛥𝑎′′ can be determined by initiating a change in stress or strain rate when 

deforming the material and recording the instantaneous response of the other quantity: 

 𝛥𝑎′′ =
𝑀𝑘𝐵𝑇

𝑏
⋅
𝜕 ln 𝜖̇

𝜕𝜎
|
𝑇,𝜎̂𝑖 

 (6.3) 

 

We highlight that 𝛥𝑎′′ must be determined under constant microstructure described by the flow 

strengths of 𝑖 features, 𝜎̂𝑖 (e.g., forest dislocation spacing, subgrain size) because the partial 

derivative of the logarithmic strain rate 𝜖̇ = 𝜖̇(𝜎, 𝑇, 𝜎̂𝑖  ) with respect to 𝜎 must be evaluated at 

constant 𝑇 and 𝜎̂𝑖. Even though truly keeping 𝜎̂𝑖 constant is virtually impossible, data acquisition 

with high time resolution should take place quickly after the strain rate or stress change when the 

change in microstructure is still small.  
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Despite the abundance of experimental work performed to characterize the mechanical properties 

and deformation microstructure in the CrCoNi-family, detailed mechanistic studies using the 

above framework have been rather rare. Hong, et al. [16] carried out strain rate jump tests on a 

CrMnFeCoNi MPEA at room temperature and measured 𝛥𝑎′′ to be ~100 𝑏2, which they 

attributed to the interaction between dislocations and nanoscale clusters, including short-range 

order (SRO). Wu, et al. [17] performed the same tests on CrMnFeCoNi at both room and 

cryogenic temperatures and reported an 𝛥𝑎′′ on the order of ~100 𝑏2 at 293 K and ~10 𝑏2 at 77 

K. They applied the Labusch-type strengthening analysis and concluded that the deformation is 

dominated by long-range bowing of curved dislocations coupled with some short-range effects. 

Laplanche, et al. [18] conducted a series of load relaxation tests on CrMnFeCoNi from 77 K to 423 

K and obtained 𝛥𝑎′′ values from ~100 𝑏2 to ~500 𝑏2, an increasing trend of 𝛥𝑎′′ with 

temperature, and a decreasing trend of 𝛥𝑎′′ with plastic strain. They discovered that the flow 

behavior in CrMnFeCoNi is controlled by a combination of rate-dependent Hall-Petch 

strengthening, solid solution hardening, and forest dislocation hardening, which appears to be 

similar to conventional alloys. More importantly, they were able to quantitatively separate the 

contributions of these mechanisms by using existing hardening models, including a recent model 

that predicts the flow strength in concentrated random solid solutions and MPEAs given by 

Varvenne, et al. [19, 20]. Therefore, a critical question is whether the same or similar attributes of 

plastic deformation for CrCoNi-based MPEAs at cryogenic and room temperatures apply at 

elevated temperatures for creep deformation or there exist other mechanisms (e.g., diffusion and 

recovery related mechanisms) that control the rate instead. Unfortunately, quantitative mechanistic 

studies that provide the answer to this question have not been available to date, even though 

limited creep and high temperature tensile and nanoindentation data are available [8, 21-25]. In our 
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recent study [23] on the steady-state creep behavior of CrMnFeCoNi, we identified a uniform 

stress exponent of 3.7 ± 0.1 and an activation energy lower than that for lattice self-diffusion. We 

concluded that the creep mechanisms are likely to be controlled by dislocation-lattice 

interactions (concentrated solid solution hardening) and dislocation-dislocation interactions 

(forest dislocation hardening). Therefore, the main goals of the present study are to mechanically 

verify whether these two mechanisms are indeed both controlling the rate of deformation in the 

FCC MPEA matrix and if so, to separate their contributions. To avoid the difficulties in obtaining 

high quality data by strain rate jump tests and stress relaxation tests at elevated temperatures due to 

the limitations of extensometry and the oxidation of the material, we conducted stress reduction 

creep tests in a vacuum creep furnace equipped with in-situ extensometry that provides 

microstrain resolution and fast data acquisition that provides microsecond time resolution to 

record the strain rate response of the material to the stress change. The same test equipment and 

procedure have previously provided mechanistic insights in numerous pure metals and 

dispersion-strengthened alloys [26-29]. 

 

In the present study, we select the well-characterized FCC HEA, CrMnFeCoNi, to generate 

comparisons with existing data and current theories describing this material. We report on the 

results from multiple stress reduction creep experiments from different initial stresses. Since 

uniform stress exponents were found from 1023 K to 1173 K in our recent study [23], indicating 

no clear change of deformation mechanisms, we select a single temperature of 1073 K and focus 

on the stress and strain rate dependence of the flow properties. The CrMnFeCoNi is known to 

remain single phase at this temperature, thereby enabling us to study the properties of the FCC 

HEA matrix [30]. At lower temperatures, additional phases are known to form during long-term 
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creep tests [31] leading to dislocation/particle interactions that complicate determination of the 

role of the matrix in controlling creep. In addition, we measure the values and the stress 

dependence of the activation area, which then lead to the determination of the deformation 

mechanisms. Finally, we quantitatively separate the contributions from multiple controlling 

mechanisms and give a constitutive equation to describe the steady-state creep behavior of 

CrMnFeCoNi.  

 

6.2 Experimental 

An equiatomic CrMnFeCoNi alloy was produced by arc-melting, drop-casting, and cold rolling 

using similar procedures to those described in Ref. [32]. The constituent elements were arc-

melted five times, and the button was flipped between each melt to promote homogeneous 

melting. Afterwards, it was drop-cast into a 19 × 25.4 × 127 mm3 copper mold and homogenized 

in vacuum at 1473 K for 24 h. The material was then cold rolled to a thickness of 0.64 mm (~ 

97% reduction in thickness) and a width of 30 mm. Flat creep specimens having gauge sections 

of 19.05(L) × 2.54(W) × 0.64(H) mm3 were cut from the as-rolled sheets by electrical discharge 

machining (EDM). The specimens were annealed in a vacuum furnace at 1173 K for 1 h to reach 

a completely recrystallized state. The heat treatment produces a single phase FCC alloy with an 

initial microstructure as shown in Fig. 6-1 consisting of randomly oriented equiaxed grains with 

an average size of 21±11 µm with a lognormal distribution. This observation is consistent with 

the characterization of the initial microstructure for cold rolled and annealed CrMnFeCoNi in 

multiple other studies [32-34], where recrystallized equiaxed grains with a large number of 

annealing twins and low dislocation density were observed. The samples were polished by 320 
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and 600 grit SiC abrasives before creep testing to alleviate the potential influence of surface 

effects on the creep measurements. 

 

Stress reduction creep tests were performed on a true stress-controlled creep machine under 

vacuum (≤2 × 10−5 torr) at 1073 K using the same procedures as in our previous studies [27-29]. 

The test temperature of 1073 K was chosen because at and above this temperature, the FCC 

single phase has been shown to be stable, and the formation of second phases known to be 

present at lower temperatures (e.g. Cr-rich 𝜎 phase, NiMn phase) is believed to be negligible [30, 

35, 36]. Creep strain was measured directly at the specimen inside the furnace by a Schaevitz 

250 MHR linear variable differential transformer (LVDT) utilizing a custom quartz tube and rod 

fixture as described in Ref. [37]. Constant true stress was maintained throughout the tests using 

an Andrade-Chalmers lever arm [38] except for one abrupt stress reduction for each sample. The 

creep samples were first loaded with an initial stress, 𝜎𝑖𝑛, to secondary creep which produces a 

steady-state creep rate of 𝜖𝐴̇. Here, we follow the notation used in Biberger and Gibeling [39] to 

describe the stresses and creep rates at different stages before and after the stress reduction. After 

reaching the first steady state, a stress reduction was performed by manually removing part of the 

load from the arm. Generally, the stress reduction was carried out at ~10% plastic strain for large 

initial stresses and ~5% for small initial stresses. The forward creep rate immediately after the 

stress reduction, termed 𝜖𝐶̇, was recorded with fast data acquisition with microstrain and 

microsecond resolution. 𝜖𝐶̇ is usually termed “constant structure” creep rate because at this stage 

the change in microstructure is minimal. Therefore, it is the proper strain rate to use in Eqn. 6.3. 

Subsequently, the samples continued to deform under the reduced stress, 𝜎𝑟𝑒𝑑, to a second steady 

state with a creep rate of 𝜖𝐷̇, during which stage the tests were terminated. In order to exclude 
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any possible load history effects on the microstructure and the creep rates, only one stress 

reduction was conducted on each sample. In addition, large stress reductions (>60%) were 

avoided to reduce the likelihood of domination by dynamic recovery. The values of 𝜎𝑖𝑛 and 𝜎𝑟𝑒𝑑 

used in this study are listed in Table 6-1.  

 

Electron backscatter diffraction (EBSD) was conducted on a FEI Scios Dualbeam FIB SEM at an 

operating voltage of 15 kV to investigate the microstructure of CrMnFeCoNi before creep 

testing. Raw data were post-processed by an open-source toolbox MTEX (version 5.4.0) in 

Matlab [40] following the same procedures as in Ref. [41]. The EBSD samples were prepared by 

conventional grinding and polishing down to 0.3 µm alumina and then polishing on a Buehler 

Vibromet 2 vibratory polisher with 0.05 µm colloidal silica for 4 h.  

 

Transmission electron microscopy was performed on a JEOL 2100F-AC TEM to characterize the 

dislocation substructure under steady-state creep deformation at an accelerating voltage of 200 

kV. The TEM specimens were prepared by conventional pre-thinning techniques including 

grinding, 3 mm disc punching, polishing and dimpling. Final perforation was carried out by a 

Fischione 1050 TEM ion mill operating at 5kV, which was then followed by a final polishing at 

1 kV for 30 minutes and 0.5 kV for an hour to alleviate ion beam damage. 
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Fig. 6-1(a) EBSD inverse pole figure (IPF) map of the microstructure of CrMnFeCoNi after annealing at 

1173 K for 1 h before creep testing; (b) A histogram for the grain sizes measured from EBSD data. The red 

curve shows the lognormal fit to the histogram.  
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Table 6-1 Initial and reduced stresses used in the stress reduction creep experiments.  

𝜎𝑖𝑛 (MPa) 𝜎𝑟𝑒𝑑 (MPa) 

160 144, 130, 120, 112, 96 

130 120, 100, 90, 80, 60 

100 90, 80, 70, 60, 50 

80 76, 72, 64, 56, 48 

60 54, 48, 45, 42, 36  

 

6.3 Results and Discussion 

6.3.1  Primary Creep 

Fig. 6-2 gives representative creep curves up to ~2% true plastic strain to show the primary creep 

for CrMnFeCoNi loaded under 𝜎𝑖𝑛 at 1073 K. Due to the large difference in strain rates under 

different stresses, Fig. 6-2 is separated into (a) for large stresses and (b) for intermediate and 

small stresses for better visibility. Overall, primary creep for CrMnFeCoNi is very brief — up to 

only ~1-2% plastic strain — compared to FCC pure metals (~10-30% [42, 43]) and conventional 

class M and class A alloys (~10-50% [44, 45]) at similar modulus-compensated stresses. The 

short primary can be attributed to the rather featureless steady-state creep microstructure 

revealed by recent TEM investigations on CrMnFeCoNi [21, 23]. Unlike pure metals and class 

M alloys, CrMnFeCoNi does not form subgrains during creep deformation. The solute drag 

behavior characteristic of class A alloys is also not evident judged by its high dislocation density. 

Without the formation of these substructures during primary creep, the HEA is able to reach 

steady-state deformation quickly. 
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Fig. 6-2 Example creep curves showing primary creep of CrMnFeCoNi samples crept at 1073 K under 

applied stresses of (a) 160 and 130 MPa; and (b) 100, 80, and 60 MPa up to ~2% true plastic strain. The 

inset in (b) provides a closer view of the creep curves in the first 0.5% plastic strain. The arrows in the figure 

indicate the continuation of steady-state deformation under the creep rate of 𝜖𝐴̇.  

 

 

 

Fig. 6-2 also shows interesting trends in primary creep for samples deformed at different stresses. 

Normal primary creep (creep decelerates to steady state) is present for the large stresses (160 and 
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130 MPa), yet the shape changes for the low stresses.  At 100 MPa, no primary is evident, and 

the sample deformed directly into steady state. At 80 MPa, the primary becomes inverted (creep 

accelerates to steady state), and at 60 MPa, the creep rate first decreases then increases to its 

steady-state value. Interestingly, these trends were not shown in our previous study of 

CrMnFeCoNi [23], where primary was found to be normal for all these stresses at 1073 K. 

Because both materials had nearly the same grain size and were annealed under the same 

conditions, this difference must be related to subtle differences in the initial microstructure, as 

the material in our previous study was rolled to a slightly larger thickness (~1 mm, 95% 

thickness reduction). Since primary creep is controlled by the competition between work 

hardening and recovery [46, 47], it depends strongly on the initial dislocation substructure and 

density. It appears that primary creep in CrMnFeCoNi has a complicated stress dependence 

where multiple factors with comparable contributions act in combination. Since we are mostly 

interested in the stress reduction creep behavior that occurred thereafter, a thorough investigation 

of the primary creep is beyond the scope of the current paper and will be explored in future 

work. Meanwhile, here we show that the difference in primary creep does not affect the steady-

state creep rate of the material. As displayed in Fig. 6-3, excellent agreement was obtained for 

the steady-state creep data in both this study and our previous study [23] with a common stress 

exponent ~3.7.  
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Fig. 6-3 Double logarithmic plot of steady-state creep rate versus applied stress for CrMnFeCoNi tested at 

1073 K. The solid square symbols correspond to the creep rates 𝜖𝐴̇ during steady-state deformation under 

𝜎𝑖𝑛 before stress reduction. The empty square symbols represent the creep rates 𝜖𝐷̇ during steady-state 

deformation under 𝜎𝑟𝑒𝑑 after stress reduction. The creep data for CrMnFeCoNi tested at the same 

temperature reported by Zhang, et al. [23] are also included in this plot  (solid diamonds) for comparison. 

The solid line is a linear fit through all data points shown in the figure. The coefficient of determination, 𝑅2, 

of the linear fit is 0.99. 
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6.3.2  Stress Reduction Creep Behavior 

Fig. 6-4 shows two example creep curves and their stress reduction transients for CrMnFeCoNi 

from a large 𝜎𝑖𝑛 of 160 MPa and a small 𝜎𝑖𝑛 of 60 MPa. The features exhibited in the two 

transients are representative for all stress reductions conducted in this study. The difference in 

their primary creep behavior was described in the previous section. A plateau region is present 

after the stress reduction, which is a consequence of the superposition of the anelastic backflow 

caused by the instantaneous backward slip of the mobile dislocations in response to the stress 

reduction and the forward flow under 𝜎𝑟𝑒𝑑 [48]. This behavior has been previously observed in 

pure metals and conventional alloys, and the backflow is rationalized by two potential 

mechanisms: the unbowing of dislocations due to a reduction of the forward stress or the 

relaxation of dislocation pile ups against grain boundary or subgrain boundary walls [48-51].  

 

Since previous microstructural characterization of CrMnFeCoNi shows a high density of bowed 

dislocations in a clean matrix with no evidence of subgrains or large-scale dislocation pile-ups 

[23], the physical origin of the backflow can be attributed to the former mechanism. Recently, 

Bouaziz, et al. [52] discovered a strong Bauschinger effect in a CrMnFeCoNi alloy with a 

similar grain size through room temperature tension/compression tests, which can be partially 

related to the backflow behavior shown here. It is worth noting that the long duration of the 

plateau region (noticeably longer than pure metals [26, 27]) indicates a slow decay for the 

backflow immediately after a stress reduction. This is believed to be caused by the pinning effect 

of the “rough” HEA matrix, where the rate of dislocation unbowing can be slow. Unfortunately, 

it is difficult to separate the net forward flow in the plateau region at present because the stress 

and time dependent rate of backflow is not known. Nevertheless, since the plateau region is very 
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short compared to the time for the creep rate to finally evolve to 𝜖𝐷̇ (<5%), the forward creep rate 

that immediately follows the plateau when anelastic backflow becomes negligible can still be 

taken as the constant structure creep rate, 𝜖𝐶̇.  
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Fig. 6-4 Example creep curves for stress reduction experiments from (a) a large initial stress, 160 MPa; and 

(c) a small initial stress, 60 MPa to reduced stresses that give similar proportions of stress reductions. The 

creep tests were interrupted at steady-state deformation at the reduced stress. (b) and (d) are expanded views 

of the stress reduction transients in (a) and (c), respectively, as indicated by the dashed rectangles. The 

plateau regions in (b) and (d) show the anelastic backflow of the material following the stress reduction. The 

curves in (b) and (d) were shifted both horizontally and vertically such that the moment of stress reduction 

corresponds to zero time and the immediate strain after stress reduction corresponds to zero strain for better 

visibility and comparison. 
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The most prominent feature of the transient behavior for CrMnFeCoNi is the rapid rate of the 

microstructural evolution after a stress reduction (i.e., 𝜖𝐶̇ transitions to 𝜖𝐷̇ very quickly). For 

most pure metals and conventional alloys, this process takes hours for large stresses and days for 

small stresses due to the rather sluggish substructure rearrangement following stress reduction 

[53] (subgrain coarsening for pure metals and class M alloys and annihilation of dislocations 

pinned by solute atmosphere for class A alloys [26, 37]). In order to understand the origin of the 

short stress reduction transient, TEM was carried out to examine the steady-state creep 

microstructure. Fig. 6-5a shows a high-density distribution of curved and entangled dislocations 

within a grain interior with no subgrain formation, which is consistent with previous 

characterization of creep structures at elevated temperatures and even those in long-term creep at 

intermediate temperatures [23, 31]. A more detailed observation of the dislocation interactions is 

provided in Fig. 6-5b, where extensive lattice pinning (shown by black arrows) and dislocation 

junctions are present, suggesting combined effects of forest dislocations and concentrated solid 

solution hardening. Such dislocation substructure highlights the dominance of the pinning effect 

from the concentrated solid solution matrix at elevated temperatures, which suppresses recovery 

and other diffusion-related mechanisms (i.e. subgrain boundary formation and solute atmosphere 

migration) in the HEA. Therefore, the short stress reduction transient of CrMnFeCoNi, along 

with the brief primary creep, can be explained by the rapid formation and regulation of this 

relatively simple microstructure.  
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Fig. 6-5 TEM micrographs illustrating the representative dislocation substructure of CrMnFeCoNi during 

steady-state deformation: (a) high-density arrays of curved dislocations are present within the grain interior 

with visible (111) type slip trace and no evidence of subgrain boundary formation; and (b) a higher 

magnification image exhibiting extensive dislocation-lattice and dislocation-dislocation interactions. The 

black arrows indicate dislocations pinned by the high entropy matrix.  The specific TEM specimen was 

taken from a creep sample crept at 1073 K and 100 MPa, interrupted at steady-state deformation ~ 10% 

plastic strain. The image was taken under [110] zone axis and [111] two beam condition.  
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Another important aspect of creep after a reduction of stress is the relative magnitude of  𝜖𝐶̇ and 

𝜖𝐷̇ since they give additional insights into the evolution of the microstructure. For pure metals 

and class M alloys, 𝜖𝐶̇ increases to 𝜖𝐷̇ because the coarsening of the subgrains results in a softer 

microstructure. Under limited circumstances when the percentage of stress reduction is large, the 

creep rate will first decrease because of the domination of dynamic recovery and will then 

increase to 𝜖𝐷̇ [54-56]. For class A alloys 𝜖𝐶̇ decreases to 𝜖𝐷̇ because the decrease in mobile 

dislocation density with time dominates [37]. In both cases, 𝜖𝐶̇ differs from 𝜖𝐷̇ by approximately 

one to two orders of magnitude [26, 27, 37]. The values of 𝜖𝐶̇ and 𝜖𝐷̇ for CrMnFeCoNi from all 

of our experiments are shown in Fig. 6-6. 𝜖𝐴̇ is also included and overlaps with 𝜖𝐶̇ for 𝜎 = 𝜎𝑖𝑛 

since 𝜖𝐴̇ is actually a special type of 𝜖𝐶̇ when the stress reduction is zero. We note that the 𝜖𝐷̇ 

values for high 𝜎𝑟𝑒𝑑 in Fig. 6-6a (𝜎𝑖𝑛 = 160 MPa) are absent because the second steady state 

cannot be distinguished from tertiary creep under such high stress. 
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Fig. 6-6 Double logarithmic plots of creep rates 𝜖𝐴̇, 𝜖𝐶̇, and 𝜖𝐷̇ versus applied stress for CrMnFeCoNi crept 

under initial stresses of (a) 160 MPa; (b) 130 MPa; (c) 100 MPa; (d) 80 MPa; and (e) 60 MPa at 1073 K. 

The solid line is a linear fit of the steady-state data 𝜖𝐴̇ and 𝜖𝐷̇ versus applied stress that delineates a power-

law relationship. 
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It is evident that 𝜖𝐶̇ is only slightly lower than  𝜖𝐷̇ and the difference is much smaller than that 

observed in conventional alloys. Several important conclusions can be made from Fig. 6-6 : (i) 

Recovery mechanisms are not important for CrMnFeCoNi since otherwise 𝜖𝐶̇ will be higher than 

𝜖𝐷̇; (ii) The stress reduction transient of CrMnFeCoNi resembles that of pure metals and class M 

alloys despite the fact that subgrains do not form in CrMnFeCoNi and therefore subgrain 

coarsening does not exist. The small difference between 𝜖𝐶̇ and 𝜖𝐷̇ is instead believed to be 

caused by the coarsening of the dislocation network and thus the increase of the forest 

dislocation spacing, which occurs quickly and has a subtle effect on the creep rate; (iii) the linear 

fit of the steady-state values (𝜖𝐴̇ and 𝜖𝐷̇) on double-logarithmic axes also describes 𝜖𝐶̇ 

reasonably. Hence, the small difference in 𝜖𝐶̇ and 𝜖𝐷̇ appears to permit the usage of steady-state 

creep rates in Eqn. 6.3. This means that an estimated and perhaps reliable activation area can be 

determined with constant-stress creep tests only and can be obtained in virtually all stress-

controlled test machines; and (iv) the rapid microstructural evolution and its limited effect on 

creep rates after stress reduction leads to an almost perfect agreement between 𝜖𝐴̇ and 𝜖𝐷̇ in Fig. 

6-3 above. This suggests that the steady-state creep rates for CrMnFeCoNi can be considered as 

a state variable of temperature and applied stress only and are essentially independent of load 

history. Therefore, our work also justifies the possibility of using of multiple stress changes in 

one test to obtain different steady-state values, as long as tertiary creep has not been reached. The 

above features are core to the creep properties of CrMnFeCoNi and have profound implications 

for the quantitative analysis of the deformation mechanisms given below. 

 

The constant structure data from all initial stresses are concatenated in Fig. 6-7 to demonstrate 

the stress dependence of the stress reduction creep behavior of CrMnFeCoNi. Linear fits are 
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given on the semilogarithmic plot to delineate their exponential relationship described by Eqns. 

6.1 and 6.2. The goodness of fit (𝑅2) for all linear fits is above 0.97, validating our current 

approach. Fig. 6-7 shows only a small stress dependence of the slopes as all data points roughly 

fall on the same line, although two trends can still be distinguished: (i) the slope of the lines 

increases for decreasing 𝜎𝑖𝑛; and (ii) if all lines are extrapolated to the full stress range, the 

extrapolated line is lower for higher 𝜎𝑖𝑛. That is, the creep rates under the same 𝜎𝑟𝑒𝑑 will be 

lower for samples subjected to higher 𝜎𝑖𝑛. This phenomenon is most pronounced at 160 MPa, 

where the creep rates appear to be lower than the overall trend. The first observation is directly 

related to the activation area and is discussed in the next section. The second observation is 

consistent with our earlier argument that forest dislocations play an important role in the stress 

reduction transient because a high 𝜎𝑖𝑛 creates a high microstructural strength due to a higher 

forest dislocation density, resulting in low constant structure creep rates. The effect of the forest 

dislocations becomes increasingly important when the applied stress is high.  
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Fig. 6-7 Semi-logarithmic plot of the constant structure creep rate, 𝜖𝐶̇, versus applied stress for 

CrMnFeCoNi crept at 1073 K. The solid symbols are 𝜖𝐴̇ deforming under 𝜎𝑖𝑛 and the empty symbols are 

𝜖𝐷̇ deforming under 𝜎𝑟𝑒𝑑. The legend denotes the five series of stress reduction creep experiments starting 

from their designated 𝜎𝑖𝑛 values.  The dashed lines are linear fits of the constant structure data that 

delineates an exponential relationship.  
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6.3.3  Thermal Activation Parameters 

The activation areas of CrMnFeCoNi obtained under different 𝜎𝑖𝑛 calculated by Eqn. 6.3 are 

given in Table 6-2 and shown in Fig. 6-8. The values of 𝛥𝑎′′ are on the order of ~100 𝑏2 and are 

consistent with those determined at room temperature and cryogenic temperatures [16-18]. Thus, 

plastic deformation is likely to be controlled by similar mechanisms to those found in the same 

material at lower temperatures. This argument is supported by our earlier discussion of stress 

reduction creep transients and TEM characterization, where a striking resemblance of dislocation 

substructure was revealed for plastic deformation in CrMnFeCoNi at large plastic strains across 

cryogenic, room, and elevated temperatures. In addition, the activation area decreases 

monotonically with increasing stress, which indicates the contribution of forest dislocations to 

relevant glide obstacles because forest dislocation spacing also decreases with increasing stress. 

We note that the stress dependence of the activation area obtained in our stress reduction creep 

tests at elevated temperatures is similar to the plastic strain dependence of the activation area 

obtained in strain rate jump tests and stress relaxation tests, suggesting a common behavior. 

Therefore, we conclude that the rate-determining deformation mechanisms in CrMnFeCoNi at 

1073 K are dislocation-solute interactions and forest dislocation interactions and are the same as 

those at lower temperatures. This observation also rationalizes the stress exponent of 3.7 

obtained previously [23], as it is in between the characteristic stress exponents of solid solution 

control (~3) and that of forest dislocations control (~5). In a recent review paper on the 

mechanical properties of HEAs, George, et al. [4] pointed out that although new deformation 

mechanisms have not yet been detected in HEAs, novel combinations of known mechanisms are 

usually seen. The elevated-temperature deformation of CrMnFeCoNi indeed follows this 

observation: the expected recovery and diffusion control is missing, and the deformation modes 
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at lower temperatures continue to operate at elevated temperatures. This finding implies that the 

existing models that describe plastic deformation at room temperature can be extended to 

elevated temperatures without significant modification.  
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Fig. 6-8 The relationship between the operational activation area, 𝛥𝑎′′, and the initial stress, 𝜎𝑖𝑛. The data 

points were connected with straight lines merely to illustrate the trend.   
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Table 6-2 Thermal activation parameters for plastic deformation in CrMnFeCoNi at 1073 K described 

by the thermally activated glide model (Eqn. 6.4). 

𝜎𝑖𝑛 (MPa) 𝛥𝑎′′ (𝑏2) 𝛥𝐹 (kJ/mol) 𝜎̂ (MPa) 𝛥𝐺 (kJ/mol) 

160 114 

170* 

458 111 

130 121 432 119 

100 143 365 124 

80 145 359 133 

60 153 343 141 

*Determined for all applied stresses. 

 

It is often of interest to determine the mechanical strength of the microstructure, 𝜎̂, as it 

represents the flow stress of the material at 0 K and is essential to determining the glide kinetics 

of the dislocations. A phenomenological thermally activated glide model that incorporates a 

single structure parameter, 𝜎̂, is given by Kocks, et al. [10]: 

 𝜖̇ = 𝜖0̇ 𝑒𝑥𝑝 [−
𝛥𝐹

𝑘𝐵𝑇
(1 − (

𝜎

𝜎̂
)
𝑝

)
𝑞

] (6.4) 

 

with: 

 𝛥𝐺 = 𝛥𝐹 (1 − (
𝜎

𝜎̂
)
𝑝

)
𝑞

 (6.5) 

 

where 𝑝 and 𝑞 are constants that describe the strength and the range of the obstacles. We use 𝑝 = 

𝑞 = 1 here for simplicity since it is clear from Fig. 6-7 that a direct exponential relationship is 

adequate to describe the relationship between 𝜖̇ and 𝜎. Therefore, the partial derivative of ln 𝜖̇ 

with respect to 𝜎 is (designated as 𝛽): 

 𝛽 =
𝜕 ln 𝜖̇

𝜕𝜎
=

𝛥𝐹

𝑘𝐵𝑇𝜎̂
 (6.6) 
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Since dislocation solute interactions and forest dislocations operate at different length scales, 

their contribution to 𝜎̂ can be assumed to be linearly additive: 

 𝜎̂ = 𝜎̂𝑠𝑠 + 𝜎̂𝑓 (6.7) 

where 𝜎̂𝑠𝑠 is the flow stress contribution of solid solution hardening at 0 K and 𝜎̂𝑓 is that for forest 

dislocation hardening. Eqn. 6.7 neglects the Hall-Petch contribution to the flow stress, which is 

proven to be a significant part at room and cryogenic temperatures [18]. However, the Hall-Petch 

effect is not observed for steady-state creep deformation, as the creep rates in the dislocation creep 

regime are not known to have a grain size dependence except when deformation is diffusional [57]. 

Therefore, the Hall-Petch effect is not considered in our study. 𝜎̂𝑓 can be further written as  

(𝛼𝜇𝑏√𝜌 )/𝑀, where 𝛼 is the Taylor hardening factor,  𝜇 is the shear modulus, and 𝜌 is the forest 

dislocation density. Since √𝜌 is proportional to 𝜎𝑓 for metallic materials, 𝜎̂𝑓 has a linear 

dependence on 𝜎𝑓 and we obtain: 

 𝜎̂𝑓 = 𝑘𝑓𝜎𝑓 (6.8) 

where 𝑘𝑓 is a dimensionless constant that incorporates all the material constants related to the 

above equations, and 𝜎𝑓 is the applied stress partitioned on forest dislocations. Combining Eqn. 

6.6-6.8, the inverse of 𝛽 can now be written as: 

 
1

𝛽
=

𝑘𝐵𝑇𝜎̂𝑠𝑠

Δ𝐹
+

𝑘𝐵𝑇𝑘𝑓

Δ𝐹
⋅ 𝜎𝑓 (6.9) 

In Eqn. 6.9, 𝛽 is already determined in the linear fits in Fig. 6-7, and 𝜎̂𝑠𝑠 is calculated by 

Laplanche, et al. [18] to be 318 MPa. 𝜎𝑓 = 𝜎 − 𝜎𝑠𝑠 can be determined by the knowledge of 𝜎𝑠𝑠 at 

1073 K, which in strain rate-controlled tests can be estimated as the yield strength of the material. 

However, in stress-controlled creep tests, a yield strength is not defined. Therefore, 𝜎𝑠𝑠 has to be 
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estimated by other means. Here we use the recent solid solution hardening model for concentrated 

random solid solutions developed by Varvenne, et al. [19, 20], where the expression of the 

temperature and strain rate dependent 𝜎𝑠𝑠 is given by: 

 𝜎𝑠𝑠 = 𝜎̂𝑠𝑠 ⋅
𝜇(𝑇)

𝜇0

[
 
 
 
 

1 − (
𝑘𝐵𝑇

Δ𝐸𝑏 ⋅
𝜇(𝑇)
𝜇0

⋅ ln (
𝜖0̇

𝜖̇
))

2
3

 

]
 
 
 
 

 (6.10) 

where 𝜇(𝑇) = 85 − 16/exp [(448/𝑇) − 1] (GPa)  is the temperature dependent shear modulus 

for CrMnFeCoNi [58], 𝜇0 is the shear modulus at 0 K, 𝜀0̇ is the reference strain rate and can be 

taken as 105 s-1 [19], and Δ𝐸𝑏 is the theoretical zero temperature activation barrier for dislocation 

glide in a concentrated solid solution matrix and is equal to 0.905 eV calculated in Ref. [18]. The 

good accuracy of Eqn. 6.10 at room and cryogenic temperatures has been verified for many HEAs 

by extensive experimental evidence, including CrMnFeCoNi [18, 19, 59, 60], and the application 

of the model at elevated temperatures can be justified by the fact that the deformation mechanisms 

at 1073 K turn out to be similar to those at lower temperatures. Furthermore, the model could even 

be more accurate at elevated temperatures because the SRO effect in HEAs that the model does not 

take into account is less prominent at high temperatures and is weakened at the large plastic strains 

used in the current study. A quick validation can be performed by using Eqn. 6.10 to calculate the 

yield strength at 1073 K and compare it to existing experimental data. Excellent agreement is 

reached as the calculated value, 70 MPa, is almost equal to the yield strength extrapolated to 

infinite grain size, 69 MPa, reported by Otto, et al. [32]. 

 

 With known 𝜎𝑠𝑠 and 𝜎̂𝑠𝑠, Δ𝐹 can be determined by the intercept in a linear fit of  1/𝛽 versus 𝜎𝑓 as 

shown in Fig. 6-9. The goodness of fit, 𝑅2, is determined to be 0.95, which validates the 
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relationship given in Eqn. 6.8.  Once Δ𝐹 is known, Δ𝐺 and 𝜎̂ can be calculated from Eqn. 6.5 and 

6.6, respectively. The values of Δ𝐹, Δ𝐺 and 𝜎̂ are given in Table 6-2. The stress dependent Δ𝐺 

determined from the constant structure creep data turns out to be lower than the apparent 

activation energy, 𝑄, determined from the steady-state creep data (~225 kJ/mol at 60 MPa and 

~219 kJ/mol at 80 MPa) in our previous study [23]. Since Δ𝐺 is determined at constant structure 

and is a more fundamental quantity than 𝑄, their difference indicates that the temperature 

dependence of the microstructure strongly influences the measured activation energy (note that 𝑄 

is determined from creep data across different temperatures at a constant stress, commonly 

normalized by temperature-dependent modulus) . In fact, one can qualitatively predict that 𝑄 

must be higher than 𝛥𝐺 because the microstructure is softer at higher temperatures, leading to an 

increase of creep rates at the high temperature regime (or the left end of an Arrhenius plot) and 

therefore an overestimation compared to the true activation energy at constant structure. The 

study of the temperature dependence of creep microstructure is beyond the scope of the current 

study and referred to future work. Nevertheless, both 𝛥𝐺 and 𝑄 are much lower than the 

activation energy of lattice diffusion in CrMnFeCoNi (~300 kJ/mol [61]), which serves an extra 

piece of evidence that creep in this HEA is not diffusion (climb) controlled. The important fact 

that creep in CrMnFeCoNi is controlled by thermally activated dislocation glide instead of 

diffusion suggests that earlier speculation of the role of sluggish diffusion and solute drag effects 

[21, 22, 25] based on phenomenological strain rate-stress relationships extended from 

conventional alloys are not relevant to the creep deformation in this HEA. On the other hand, 𝜎̂ 

unsurprisingly increases with increasing applied stress, showing again the forest dislocation 

contribution to the flow stress. The values are nearly twice those of pure Ni determined at a 

similar temperature [53], signifying a large contribution of solid solution hardening. However, it 
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is also evident that 𝜎̂ is much larger than the applied stress, which suggests a significant amount 

of thermal activation is needed to move dislocations. This partially explains why CrMnFeCoNi 

loses strength so quickly with rising temperature. Therefore, in order to obtain good creep 

resistance in FCC MPEAs, second phases must be added to provide athermal contributions to the 

flow stress.  
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Fig. 6-9 The relationship between the inverse of the slope of ln 𝜖𝐶̇ versus 𝜎, denoted as 1/𝛽, and the initial 

stress, 𝜎𝑖𝑛. The solid line is a linear fit of the data with a coefficient of determination (𝑅2) of 0.95. 
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6.3.4 Quantitative Separation of Multiple Mechanisms 

Having identified the rate-controlling obstacles in CrMnFeCoNi to be the concentrated solid 

solution and the forest dislocations, these mechanisms can be readily separated by a standard 

procedure. Fig. 6-10 shows a schematic of a bowing dislocation interacting with both types of 

obstacles. As a first approximation, the average spacing between two pinning sites of these 

obstacles (𝑙𝑠𝑠 and 𝑙𝑓) can be estimated as  𝛥𝑎𝑠𝑠
′′  and 𝛥𝑎𝑓

′′ divided by 𝑏. Again, assuming the stress 

can be linearly partitioned onto the two obstacles, Eqn. 6.3 can be rewritten as: 

 
1

𝛥𝑎′′
=

𝑏

𝑀𝑘𝐵𝑇
⋅

𝜕𝜎

𝜕 𝑙𝑛 𝜖̇
=

𝑏

𝑀𝑘𝐵𝑇
⋅ (

𝜕𝜎𝑠𝑠

𝜕 𝑙𝑛 𝜖̇
+

𝜕𝜎𝑓

𝜕 𝑙𝑛 𝜖̇
) =

1

𝛥𝑎𝑠𝑠
′′

+
1

𝛥𝑎𝑓
′′ (6.11) 

Since 𝑙𝑓 = 𝑀𝛼𝜇𝑏/𝜎𝑓 by the Taylor hardening relationship, we obtain: 

 
1

𝛥𝑎𝑓
′′ =

𝜎𝑓

𝑀𝛼𝜇𝑏2
= 𝐶𝜎𝑓 = 𝐶(𝜎 − 𝜎𝑠𝑠) (6.12) 

where 𝐶 is a material constant. Eqn. 6.11 then becomes: 

 
1

𝛥𝑎′′
=

1

𝛥𝑎𝑠𝑠
′′

+ 𝐶(𝜎 − 𝜎𝑠𝑠) (6.13) 

Therefore, the contribution of solid solution hardening and forest dislocation hardening can be 

quantitatively separated by plotting 
1

𝛥𝑎′′
 (often normalized by 𝑏2) versus 𝜎 − 𝜎𝑠𝑠 as shown in Fig. 

6-11, which is also known as a Haasen plot [62]. The intercept of the linear fit gives the inverse of 

the activation area that is associated with solid solution hardening only, and 𝛥𝑎𝑓′′ can then be 

obtained by Eqn. 6.11. The values of the separated activation areas and obstacle spacings, along 

with the separated microstructure strength and the temperature dependent flow stress, are given in 

Table 6-3. 
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Fig. 6-10 Schematic of the dislocation configuration applied to separate the contributions of solid solution 

hardening and forest dislocation hardening. The values of the spacing between two adjacent pinning points 

for the two mechanisms are 𝑙𝑠𝑠 and 𝑙𝑓, respectively.  
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Fig. 6-11 The Haasen plot for CrMnFeCoNi deformed at 1073 K that describes the relationship between the 

inverse of the activation area (resolved in 𝑏2) and the applied stress subtracted by the flow stress provided 

by solid solution hardening. The solid line is a linear fit of the data. The intercept of the fit represents the 

inverse of the separated activation area for solid solution hardening only. 
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Table 6-3 Separated thermal activation parameters for solid solution hardening and forest dislocation 

hardening to describe plastic deformation in CrMnFeCoNi at 1073 K. 

𝜎𝑖𝑛 
(MPa) 

𝜎𝑠𝑠 
(MPa) 

𝜎𝑓 

(MPa) 

𝜎̂𝑠𝑠 
(MPa) 

𝜎̂𝑓 

(MPa) 
𝛥𝑎𝑠𝑠′′ 
(𝑏2) 

𝑙𝑠𝑠 
(nm) 

𝛥𝑎𝑓′′ 

(𝑏2) 

𝑙𝑓 

(nm) 

160 64 96  140 

164* 

 373 95 

130 60 70  114  460 117 

100 55 45 318* 47 42* 1111 283 

80 52 28  41  1284 327 

60 48 12  25  2145 547 

*Determined for all applied stresses. 

 

The most important observation in Table 6-3 is that the ratio 𝜎𝑠𝑠/𝜎̂𝑠𝑠 is much smaller than that of  

𝜎𝑓/𝜎̂𝑓, even though 𝜎𝑠𝑠 and 𝜎𝑓 themselves are comparable. This implies that the amount of 

thermal activation needed for dislocations to overcome the solid solution barrier is much larger 

than that for forest dislocations, which is a critical feature of creep deformation in MPEAs. In 

addition, the average spacing for solid solution barriers, 𝑙𝑠𝑠, is measured to be ~40 nm, which is 

on the same order as its calculated value ~20 nm by Varvenne, et al. [19]. On the other hand, 

𝛥𝑎𝑓
′′ for CrMnFeCoNi is in good accordance with measured values for pure metals that feature 

forest dislocations only [15, 26, 27, 63], and 𝑙𝑓 resides within the submicron range for low to 

intermediate stresses. 

 

Finally, a constitutive equation can be given to describe the steady-state creep behavior of 

CrMnFeCoNi at 1073 K using Eqn. 6.4, and the necessary parameters can be found in Table 6-2 

and Table 6-3. A satisfactory fit was obtained as shown in Fig. 6-12, which suggests that the 

steady-state creep rate vs. stress relationship can also be represented by an exponential equation in 

the thermally activated glide framework besides the more well-known and phenomenological 

 power-law equation.  
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Fig. 6-12 Double logarithmic plot of the steady-state creep rates, 𝜖𝐴̇ (solid symbols) and 𝜖𝐷̇ (empty 

symbols), versus applied stress for CrMnFeCoNi crept at 1073 K. The solid line shows the thermally 

activated glide model fit (Eqn. 6.4) to the creep data. 
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6.4 Conclusions 

In this paper, we present the results of a series of stress change experiments designed to probe 

the mechanisms of elevated-temperature creep deformation of the single-phase FCC 

CrMnFeCoNi high-entropy alloy. The major findings of this paper are the following: 

(1) The primary creep and stress reduction creep transients in CrMnFeCoNi are much 

smaller than those observed in pure metals and conventional alloys, which is consistent 

with the simplicity of the substructure in this material observed in TEM observations. 

Such characteristics result in very accessible steady states for which the steady-state 

creep rate can be considered as a state function of temperature and stress with a 

negligible dependence on load history.  

 

(2) The creep rates in CrMnFeCoNi after stress reduction feature a continuous increase to 

their subsequent steady-state values at the reduced stress. The stress dependence of the 

stress reduction transients reveals that the softening of the microstructure is likely to 

originate from the decrease of forest dislocation density. 

 

(3) The activation areas for creep in CrMnFeCoNi have a magnitude ~100 𝑏2 and scale 

inversely with the applied stress. These values agree well with those measured at room 

and cryogenic temperatures, suggesting the rate-controlling deformation mechanisms in 

CrMnFeCoNi are dislocation-solute interactions and forest dislocation interactions. The 

Helmholtz free energy of creep was determined to be 170 kJ/mol, which is significantly 

lower than the activation energy of lattice diffusion. The combined results reveal creep in 
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CrMnFeCoNi is not diffusion controlled under the applied stresses investigated in the 

present study. 

 

(4) Mechanical separation of the two rate-controlling mechanisms was successfully 

conducted using a Haasen plot. The large solid solution contribution to the 

microstructural strength and its large value compared to the partitioned applied stress 

demonstrates great importance of thermal activation in creep of CrMnFeCoNi. The 

activation areas separated for solid solution hardening and forest dislocation hardening 

are consistent with the values measured for conventional alloys, which reflects that there 

are no new mechanisms for the steady-state creep deformation in CrMnFeCoNi. The 

overall results from this paper suggest that the current plastic deformation theories for 

FCC MPEAs validated at room and cryogenic temperatures can be directly extended to 

elevated temperatures. 
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Chapter 7 Summary of Results and Opportunities for Future Research 

 

The current study has investigated the creep properties and elevated-temperature deformation 

mechanisms of several DS alloys with various particle sizes, interparticle spacing, and nature of 

particle/matrix interfaces as well as a model FCC MPEA, CrMnFeCoNi, in great detail in 

preparation of modeling the DS-MPEAs that have only become available recently. As discussed 

in the chapters above, dispersion strengthening may be the most straightforward way to improve 

the creep strength of MPEAs as precipitation hardening will lead to significant complications in 

phase stability, which is both poorly studied and very difficult to predict due to the complex 

compositions in MPEAs. The most important findings of this dissertation are summarized below: 

(1) For DS alloys with incoherent interfaces, the attraction between particle/matrix interfaces 

and dislocations dominates deformation and results in thermally activated detachment-

controlled creep in GlidCop Al-15 and Al-60 with fine particles (~5 and 10 nm in size, 

respectively) and local climb-controlled creep in GRCop-84 with larger particles (~50 nm 

for the smaller particles). If the particle/matrix interface is coherent, this attraction 

disappears, and interdislocation interactions become more important instead, as shown in 

FVS0812. 

 

(2) The threshold behavior observed in DS alloys crept under thermally activation 

detachment control originates from the thermodynamic back jumps of the just-detached 

dislocations to the attractive interfaces. A different origin was identified for DS alloys 

with larger particles where climb is more important. The threshold behavior of these 
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materials is believed to be caused by the increase in line length for the climbing 

dislocations.  

 

(3) The steady-state creep deformation of CrMnFeCoNi is controlled by both forest 

dislocation hardening and concentrated solid solution hardening over a wide range of 

temperatures and stresses — the same deformation mode as that determined at room and 

cryogenic temperatures with twinning excluded. The pinning effect from the concentrated 

solid solution matrix remains dominant at elevated temperatures, leading to limited 

contributions of recovery and diffusion in this material.  However, even though 

concentrated solid solution hardening constitutes a large portion of the material’s flow 

strength, such hardening is thermal and will therefore diminish quickly as the temperature 

rises. The addition of hard second phases for athermal contributions to flow strength, 

such as dispersoids, is therefore considered critical to improve the creep strength of FCC 

MPEAs. 

 

The above findings carry significant implications in the future development creep resistant FCC 

MPEAs. Firstly, the quantitative understanding of the deformation mechanisms in the selected 

DS alloys can be extended to a broad range of other DS alloys based on different material 

systems and dispersoids, including DS-MPEAs. Hence, once the dispersoid size and distribution 

as well as the nature of particle/matrix interface are determined for future DS-MPEAs 

candidates, the type of dislocation/particle interaction can be deduced with minimal amount of 

creep testing and microstructural characterization. Secondly, the significant pinning effect of the 

concentrated solid solution will lead to a much lower dislocation mobility in the MPEA matrix 



 

 

154 

compared to pure metals, which means that the constitutive equations that are solely based on 

dislocation/particle interactions will not suffice. Instead, a composite model is need to combine 

the contributions from the matrix and the dispersoids to the resistance to dislocation motion. 

Finally, the high dislocation density observed in the creep microstructure of the MPEA also 

implies potentially complicated interdislocation forces on the dislocations that interact with the 

particles, which in turn results in internal stresses that are difficult to model. Thankfully, these 

internal stresses and lattice strain can now be measured in-situ with state-of-the-art TEM 

techniques (e.g., nanobeam diffraction, 4D-STEM) [1, 2].   

 

In addition, this investigation has shown the many merits of utilizing a combination of 

mechanical microscopy and electron microscopy to probe the rate-controlling deformation 

mechanisms and obtain quantitative descriptions of plastic deformation in the materials. It is 

therefore desirable to make these efforts customary in the high-temperature testing protocol since 

obtaining knowledge of the operating deformation modes and microstructure and their 

correlation to the mechanical properties is the key process to success. Although the current 

experimental framework has brought forth significant advances towards our understanding of the 

selected materials, various research avenues still remain open to complement and extend the 

results that are generated by the above approach. This section thereby identifies several 

opportunities for future research that will be extremely helpful for the development of state-of-

the-art high-temperature structural materials with increasingly complex microstructures and 

deformation behaviors.   
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The information obtained by the stress reduction creep experiments presented in the current 

study reflects an average behavior of dislocations interacting with mesoscale obstacles in the 

time frame above or equal to microseconds throughout the microstructure of bulk specimens. 

Therefore, even though these experiments provide adequate information for average thermal 

activation parameters to describe dislocation kinetics used in the creep models, they have 

systematic difficulties in probing: (i) local behaviors that vary spatially within the sample; (ii) 

obstacles that have their length scales below mesoscale; and (iii) processes that occur with time 

scales below microseconds. Unfortunately, current materials of interest usually have large spatial 

fluctuations of physical properties (e.g. MPEAs [3, 4]) and form important microstructures on 

the nano- or even subnano- scales (e.g. short range order (SRO) clusters [5, 6]). In order to study 

these features that are ubiquitous in today’s materials, dedicated in-situ nanomechanical tests 

with finer probes and computer simulations need to be incorporated. Several opportunities for 

future research that can directly complement the findings in this dissertation are given as follows:  

(1) In Chapter 2, the thermodynamic back jumps of the dislocations is considered to be the 

physical origin of the observed threshold behavior. The implementation of this insight to 

the constitutive equation relies on many assumptions that are due for further verification. 

For example, the attraction between the particle/matrix interface and the dislocation is 

assumed to only exist within one atomic distance from the particle, and any longer range 

attraction is accounted for by a phenomenologically fitted constant, which is vulnerable 

to absorbing errors from other sources. The activation barrier for back jump is assumed to 

only consist of the contribution from the applied stress, which needs to be necessarily 

small to achieve an adequate number of back jumps, resulting in fast motion that is 

beyond the time resolution of any characterization technique that can directly observe this 
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behavior. Therefore, it is desirable to carry out molecular dynamics (MD) simulations to 

verify the back jump processes with a gradient of applied stresses (from zero to a small 

value). The activation energies for back jump and forward jump can then be extracted 

and compared to experimental values. These values are also critical inputs for further 

kinetic Monte Carlo (kMC) or dislocation dynamics (DD) simulations that can generate 

deformation results comparable to those obtained in bulk experiments.  

 

(2) In Chapter 3, dislocation local climb over particles is determined to be the rate 

controlling deformation mechanism in GRCop-84. Unlike detachment, local climb is a 

multistep process and cannot be described by the framework of thermally activated glide. 

Specifically, the activation energy measured by the experiment is correlated with an 

average time that the dislocations are held at the particles for local climb events to start 

and finish. Detailed information of the local climb process per se (e.g. change of 

dislocation configuration, the effect of the dislocation-particle/matrix interface attraction) 

is completely missing. Therefore, a combination of in-situ creep experiments and DD 

simulations can be performed to further understand this process. Since local climb occurs 

at an activation energy of at least that for interfacial diffusion, it can be directly observed 

under a TEM with in-situ deformation and heating capability. DD simulations can also be 

included to complement the TEM study with relative ease since the lattice constants and 

the shear moduli of the matrix and the particles, the size and distribution of the particles, 

and the climb mobility of dislocations in the matrix (pure Cu) are already known. 
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(3) In Chapter 6, the interesting primary creep behavior in the CrMnFeCoNi MPEA 

deserves extensive further attention. Not only is this behavior not observed in 

conventional alloys, this transition from normal to inverted primary creep due to the 

difference in the applied stress has profound implications towards the engineering 

application of this material. To date, almost all research on creep is focused on steady-

state behavior because the stability of the microstructure allows for relatively easy 

interpretation of creep data. However, the design criteria of any engineering part will 

hardly endure such high plastic strain (i.e. the materials serve entirely in the primary 

stage!). Therefore, an inverted primary creep will be highly desirable because the 

material starts from zero creep rate in the initial stage of deformation. This intriguing 

behavior has turned out not to linger, as the steady-state creep rates are not affected by 

the different behaviors observed in primary creep. The initial hardening behavior and its 

subsequent destruction is likely to come from the SRO that is often reported in MPEAs. 

Even though SRO can be readily observed by state-of-the-art TEMs [5, 6], little is known 

about its effects on the mechanical properties in the MPEAs. Therefore, dedicated in-situ 

TEM experiments (e.g. in-situ nanoindentation on a push-to-pull device) need to be 

performed at elevated temperatures to directly observe the dislocation behavior and 

substructure and meanwhile compare with the stress-strain curves. In-situ strain rate jump 

tests can also be incorporated to determine activation area that informs the relevant 

deformation mechanisms in small samples. Besides TEM work, conventional creep tests 

remain important to infer bulk mechanical properties during primary creep. However, the 

microstructure is constantly changing, highlighting the importance of a good 

characterization of the initial microstructure and the conservation of the deformation 
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microstructure. The first aspect can be accounted for by extensive microhardness, EBSD, 

and ex-situ TEM characterization, and the second can be guaranteed by incorporating 

rapid sample cooling under load, achieved by a flowing inert gas and a detachable 

furnace. 
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Appendix: Complete Listing of Creep Data 

 

Table A1 Constant stress and stress reduction creep data for GlidCop Al-15 extruded (Al-15 AR) and 1273 K 100 hour anneald (AL-15 AN) 

as well as GlidCop Al-60 extruded (Al-60 AR) at 973 K. This data set corresponds to the results presented in Chapter 2. 

Sample Test Type 𝝈𝒊𝒏 (MPa) 𝝈𝒓𝒆𝒅 (MPa) 𝜺̇𝑨 (s-1) 𝜺̇𝑫 (s-1) 𝜺̇𝑪 (s-1) 

Al-15 AR 

Constant Stress 

45 

-- 

4.20E-06 

-- -- 
50 9.80E-06 

60 8.40E-05 

65 1.29E-04 

Stress Reduction 70 

35 

2.70E-04 

5.20E-07 5.40E-06 

20 -- 1.80E-07 

50 1.65E-05 1.80E-05 

40 2.70E-06 5.00E-06 

28 6.20E-09 6.30E-07 

Al-15 AN 

Constant Stress 
40 

-- 
3.20E-08 

-- -- 
54 8.80E-06 

Stress Reduction 70 

55 

2.10E-04 

1.46E-05 2.60E-05 

50 4.50E-06 1.10E-05 

45 1.60E-06 5.30E-06 

40 5.90E-08 7.40E-07 

35 1.50E-08 4.80E-07 

30 2.00E-08 2.00E-07 

Al-60 AR Stress Reduction 

80 

60 

3.20E-04 

-- 

1.40E-04 

50 3.96E-05 

40 5.20E-06 

70 

60 

2.70E-05 

5.00E-05 

55 3.10E-05 

40 1.60E-06 



(Cont. Table A1) 
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45 2.10E-06 

50 6.80E-06 

60 
50 

2.80E-06 
3.40E-06 

45 1.30E-06 
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Table A2 Stress reduction creep data for production rolled GRCop-84 at 923 K. This data set corresponds to the results presented in Chapter 

3. 

Sample Test Type 𝝈𝒊𝒏 (MPa) 𝝈𝒓𝒆𝒅 (MPa) 𝜺̇𝑨 (s-1) 𝜺̇𝑫 (s-1) 𝜺̇𝑪 (s-1) 

GRCop-84 Stress Reduction 

95 

55 

1.41E-04 

1.96E-06 3.10E-06 

65 8.76E-06 9.58E-06 

55 2.08E-06 4.80E-06 

45 5.51E-07 3.45E-06 

55 2.33E-06 9.29E-06 

65 6.90E-06 4.82E-06 

60 3.19E-06 2.81E-06 

50 9.58E-07 2.08E-05 

75 1.72E-05 3.10E-06 

80 

65 

2.97E-05 

5.25E-06 6.74E-06 

50 8.24E-07 1.70E-06 

40 2.75E-07 5.59E-07 

60 2.68E-06 3.21E-06 

55 1.54E-06 2.38E-06 

65 

55 

6.25E-06 

1.44E-06 1.44E-06 

60 5.18E-06 5.18E-06 

40 8.99E-08 8.99E-08 

50 6.30E-07 6.30E-07 



 

 

1
6
2 

Table A3 Constant stress and stress reduction creep data for FVS0812 unaged (UA), high-temperature aged at 798 K and 200 hours (HTA), 

and medium-temperature aged at 698 K and 200 hours (MTA) in nitrogen. This data set corresponds to the results presented in Chapter 4. 

Sample Test Type Temperature (K) 𝝈𝒊𝒏 (MPa) 𝝈𝒓𝒆𝒅 (MPa) 𝜺̇𝑨 (s-1) 𝜺̇𝑫 (s-1) 𝜺̇𝑪 (s-1) 

UA 

Constant Stress 

573 

135 

-- 

8.70E-09 

-- -- 
179.6 1.10E-06 

151.7 3.20E-08 

206.9 1.60E-05 

623 

172.4 

-- 

4.80E-04 

-- -- 103.4 1.50E-08 

110.3 7.20E-06 

673 

136.2 

-- 

8.30E-04 

-- -- 
110.3 1.60E-05 

96.5 2.30E-06 

75.8 3.60E-08 

723 
71.8 

-- 
1.20E-05 

-- -- 
60.1 1.10E-06 

773 

38.6 

-- 

1.80E-06 

-- -- 53.8 2.60E-04 

27.6 2.80E-08 

823 

23.4 

-- 

8.80E-05 

-- -- 13.8 3.00E-08 

20.7 4.70E-06 

Stress Reduction 
573 

206.9 

134.4 

3.50E-05 

8.70E-09 5.50E-06 

155.0 1.37E-07 1.03E-05 

186.0 3.00E-06 1.50E-05 

186.2 

121.0 

3.00E-06 

4.14E-09 5.50E-07 

138.0 7.70E-09 8.60E-07 

167.5 3.70E-07 1.66E-06 

673 136.2 102.0 8.30E-04 5.76E-06 3.30E-05 



 (Cont. Table A3) 
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122.4 1.00E-04 2.40E-04 

87.8 7.75E-07 4.05E-06 

MTA 

Constant Stress 

573 206.9 

-- 

1.64E-05 

-- -- 673 110.3 1.70E-05 

773 38.6 6.00E-06 

HTA 

573 206.9 

-- 

1.44E-04 

-- -- 673 110.3 2.60E-04 

773 38.6 1.40E-05 



 

 

1
6
4

 

Table A4 Constant stress creep data for 1173 K 1 hour annealed CrMnFeCoNi. This data set corresponds to the results presented in Chapter 

5. 

Sample Test Type Temperature (K) 𝝈𝒊𝒏 (MPa) 𝝈𝒓𝒆𝒅 (MPa) 𝜺̇𝑨 (s-1) 𝜺̇𝑫 (s-1) 𝜺̇𝑪 (s-1) 

CrMnFeCoNi Constant Stress 

1023 

80 

-- 

4.19E-06 

-- -- 

60 1.49E-06 

40 3.52E-07 

130 1.91E-05 

130 2.00E-05 

200 1.35E-04 

1073 

20 8.37E-08 

40 1.12E-06 

60 5.21E-06 

80 1.42E-05 

130 1.12E-04 

100 3.21E-05 

1123 

40 4.51E-06 

80 5.33E-05 

30 1.40E-06 

20 3.01E-07 

60 1.85E-05 

1173 

60 4.16E-05 

80 1.03E-04 

40 1.14E-05 

20 7.39E-07 
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Table A5 Stress reduction creep data for 1173 K 1 hour annealed CrMnFeCoNi at 1073 K. This data set corresponds to the results presented 

in Chapter 6. 

Sample Test Type 𝝈𝒊𝒏 (MPa) 𝝈𝒓𝒆𝒅 (MPa) 𝜺̇𝑨 (s-1) 𝜺̇𝑫 (s-1) 𝜺̇𝑪 (s-1) 

CrMnFeCoNi Stress Reduction 

160 

130 

2.56E-04 

 

-- 7.55E-05 

112 -- 3.94E-05 

96 2.11E-05 1.76E-05 

144 -- 1.52E-04 

120 -- 5.46E-05 

130 

80 

1.20E-04 

 

1.67E-05 1.59E-05 

100 4.29E-05 3.37E-05 

60 6.43E-06 5.35E-06 

120 8.29E-05 7.98E-05 

90 2.29E-05 1.72E-05 

100 

60 

3.65E-05 

5.46E-06 4.10E-06 

80 1.54E-05 1.30E-05 

70 9.21E-06 6.74E-06 

50 3.15E-06 3.03E-06 

90 2.47E-05 2.32E-05 

80 

64 

1.61E-05 

7.50E-06 6.68E-06 

56 4.82E-06 4.51E-06 

72 1.09E-05 9.67E-06 

76 1.38E-05 1.31E-05 

48 3.21E-06 2.87E-06 

60 

54 

5.29E-06 

4.01E-06 3.72E-06 

48 3.06E-06 2.90E-06 

42 1.92E-06 1.90E-06 

45 2.21E-06 2.19E-06 

36 1.38E-06 1.40E-06 

48 2.67E-06 2.50E-06 

 




