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A STUDY OF HYDROGEN EMBRITTLEMENT

IN LATH MARTENSITIC STEELS

Young-Ho Kim

Ph.D, _ : Department of Materials
‘Science and Mineral Engineering

ABSTRACT

Hydrogen assisted brittle fracture has been characterized in 1lath
martensitic steels, Fracture modes in hydrogen assisted brittle fracture
can be divided into three types: intergranular, brittle tramsgranular,
and dimple rupture. Hydrogen assisted intergranular fracture and trans-
granular brittle fracture were the main interests of this study since
these two brittle fracture modes control susceptibility to hydrogen
embrittlement., The sources of metallurgical flaws which result in
brittle fracture were identified and modifications to overcome these
flaws are suggested.

First, the source of intergranular fracture was identified in 5.5
Ni steel. High resolution scanning Auger spectroscopy analysis showed
that impurity segregation on grain boundaries was the main cause of
intergranular cracking. Impurity segregation occurred during homogeniza-
tion at very high temperatures or during aging in the temper embrittle-—
ment range. Intergranular cracking can be eliminated by removing the
grain boundary impurities. As the concentration of the grain boundary
impurities decreased, the fracture mode changed from intergranular to.
transgranular, :

Next, the metallurgical flaw resulting in hydrogen—assisted trans-
granular brittle fracture was characterized in 5.5 Ni steel and HY 130
steel. The fracture surface generally followed martensite lath bound-
aries, Interlath microcracks were found frequently inm the substructure
just beneath the fracture surface. The fracture surface plane was
identified as being dominantly the {110} plane which is also the common
lath boundary plane. These observations suggested that hydrogen assisted
transgranular fracture was governed by lath boundary decohesion.

The 5.5 Ni steel was three—step (QLT) heat treated to introduce
precipitated austenite along the lath boundaries. The experimental re-
sults, however, showed that the precipitated austenite decreased the
toughness and the ductility in the presence of hydrogen. The precipi-
tated austenite transformed to martensite in the strain field ahead of
the crack tip. Interlath cracks formed easily at the periphery of the



fresh martensite particles since the volume change that accompanied the
martensite transformation imposed a tension across the lath boundary.

The 12 Ni steel was given a repeated rapid thermal cycle that
induced a rapid reversion to austenite and retransformation to marten-—
site, The specimen embrittled by hydrogen fractured in a totally ductile
manner, This thermal cycling treatment was successful in improving the
hydrogen resistance of lath martensitic steel because it refined the
martensite lath size and decreased the mean free path of an interlath

crack,



1. INTRODUCTION
1.1, Hydrogen Damage

Hydrogen has long been known to have a deleterious effect on the
mechanical properties of many metallic systems, Hydrogen effects were
documented first about one hundred years ago [1, 2], although steel
makers and industrial workers suspected this long before [3,6]. Accord-
ing to Smialowski [3], Cailletet [1] found out in 1868 that during
pickling of steel in dilute sulfuric acid, blisters were formed due to
the accumulation of hydrogen in holes below the surface of the sample.
In 1875, Johnson [2] reported most of the general phenomena of hydrogen
embrittlement in steels in his paper, "On Some Remarkable Changes Pro-
duced in Iron and Steel by the Action of Hydrogen and Acids." Steel
wires which had been immersed in an acid solution were embrittled and
hydrogen bubbles were observed at the wire surface. Therefore hydrogen
became recognized to be the cause of embrittlement.

Lath martensitic steels have high strengths and relatively high
fracture toughness values. However, they are known to be susceptible to
hydrogen embrittlement [4,5]; therefore, steelmaking, fabrication and
the practical application of these steels has been somewhat limited by
hydrogen embrittlement problems. It is well known that hydrogen pro-
moted catastrophic embrittlement in sour gas wells, pressure vessels,
turbines for generation of electrical power, piping and valves for
transport of liquids and gases, as well as a wide spectrum of other
applications [6]. Consequently, it is important to understand hydrogen
embrittlement phenomena in high strength lath martensitic steels. At
the same time, the understanding of the nature of hydrogen embrittlement
should suggest a way to decrease the hydrogen susceptibility.

1.2. The Characteristics of Hydrogen Embrittlement

Hydrogen embrittlement concerns itself with phenomena such as the
reduction of load-bearing capability and ductility [7]. There are typi-
cal characteristics of hydrogen embrittlement:

(1) A threshold stress (or stress intensity) exists, below which
hydrogen assisted failure is not observed [8].

(2) The degree of embrittlement is dependent on temperature and
strain rate [6].

(3) Sensitivity to embrittlement increases as the strength of a
material is increased [8,9].

{4) Susceptibility to hydrogen embrittlement is sensitive to micro-—
structure and alloy composition [10,11,148], '

1.3. Theories of Hydrogen Embrittlement
The mechanisms proposed to explain hydrogen embrittlement are nu-—

merous and reflect the many ways in which hydrogen has been observed to
interact with metals.



1.3.1. The Planar Pressure Theory

This mechanism was initially proposed by Zapffe [12] and has been
modified by several subsequent investigators [13,14]). Zapffe and Sims
[12] formulated the Planar Pressure theory which states that metals have
an inherent mosaic substructure with small ‘rifts’ or regiomns of misfit

between these subgrains, When hydrogen is dissolved in the steel, it
enters as nascent hydrogen in interstitial solid solution, Due to the
high diffusivity of hydrogen in steel, the hydrogen atoms diffuse to
these rifts and recombine to form gaseous hydrogen. With calculations
based upon the observed solubilities of hydrogen in steel, Zapffe's
theory predicts that the pressure produced by the gaseous hydrogen in
the rifts is added to the applied stress and thus lowers the apparent
fracture stress.

The formation of scale or pimples on the surface of highly hydro-
genated steels gives the best support for the planar pressure theory.
Photomicrographs of the areas have been taken by Hobson and Sykes [15]
and it can be seen that the metal apparently was blown apart by a high
gas pressure, presumably in the rifts.

In spite of the fact that Zapffe's theory was generally accepted
for several years after its publication, it has several shortcomings. It
is difficult to see how this mechanism can explain the fact that there
is a continnous reduction in ductility as the hydrogen concentration is
raised. This theory predicts that at low concentrations, lower than
critical pressures are generated in the rifts and embrittlement is
therefore not present. Also it fails to explain that reinitiation of
hydrogen—induced cracking by small changes in pressure unless hydrogen
absorption also increases the ease of plastic deformationm [16].

1.3.2. Surface Adsorption MNodel

Because of this apparent defect in Zapffe’s theory, Petch and
Stables [17] proposed a mechanism of hydrogen embrittlement based upon
the theory of brittle facture postulated by Griffith. According to the
original theory of Griffith, the virgin material contains numerous small
cracks, Fracturing will start for the critical magnitude of external
stress at which an incremental enlargement of the crack results in a
decrease in the total energy of the sample. This involves the release of
elastic strain energy and potential energy of the applied loads im
excess of the energy required to create the new crack surface, so that
the net energy set free in the process is positive. If the crack
continues to spread at a constant external stress with further decrease
in the total energy of the sample, sudden fracture will occur with a
very high rate of crack propagation.

Arguments against this model are that it underestimates the work of
fracture [18]. It is inconsistent with the finding that oxygen, which
has a greater heat of adsorption than hydrogen, suppresses cracking in
the presence of hydrogem [16].



1.3.3. Decohesion Model

The decohesion Model comes from the idea that hydrogen dissolved in
steels concentrates in regions of the positive hydrostatic component

of elastic stress and that such concentrated hydrogen weakens the
lattice by reducing the maximum cohesive force between the atoms so

that a crack nucleates under the applied stress [19].

It was assumed that an interconnecting function exists between the
interatomic force and hydrogen content and that as the hydrogen concen-
tration is increased, the attractive force between metal atoms is de-
creased, including the maximum cohesive force. This model was first
proposed by Troiano [20] and modified by Oriani [19,21], Oriani [22]
has also argued that Petch and Stables’ proposal that hydrogen lowers
the surface energy of iron is merely a special aspect of the cohesive
strength argument, He has advanced the decohesion model by considering a
thermodynamic argument [19], The decohision model successfully ration-
alizes the role of strain rate, temperature, and triaxial stresses on
hydrogen embrittlement. But direct evidence to support this model has
not been obtained so far and this model does not appear to be in satis—
factory form, An exact definition of the hydrogen—lattice bond interac-
tion must await a better understanding of the electronic interaction
between hydrogen im solid solution and the bonding forces of the metal
lattice. ’

1.3.4. Plasticity-Enhanced Embrittlement

Another proposal suggested by Beachem [23] is that hydrogen can
assist deformation and assist fracture. Absorption of hydrogen increases
the ease of dislocation motion or gemeration, or both. This concept is
effective in rationalizing certain kinds of embrittlement data, and
reduced flow stresses owing to the presence of hydrogen have, in fact,
been observed.

This model differs in general from the previous models in that
hydrogen is assumed to enhance plasticity locally rather than truly
embrittle the lattice. It is, however, difficult to explain either the
cleavage—like fracture or the observation of delayed failure by the
hydrogen—induced ductility model. Indeed, contrary to this model, there
is evidence such as strain aging [24] and intermal friction [25] which
show that hydrogen impedes dislocation motion.

1.3.5. Hydride Formation Theory

Hydrogen in concentrations above the solid—solution solubility
limit will interact with many metallic systems to form a hydrogen—rich,
and second phase known as a metal hydride. In general these hydrides
are less dense than the host metal lattice and are brittle. The embrit-
tlement of structural alloys involving the precipitation of a hydride
was first proposed by Westlake [26] and Wood and Daniels [27].

Iron exhibits very high solid-solution solubilities with hydrogen
and do not normally form metal hydrides. No iron hydride was found on



exposure to hydrogen pressure of up to 2.5 GPa [18]., So the hydride
model has not been widely considered for iron and steel.

None of the widely varying theories described appears successful
in explaining the wide variety of published experimental data. Most
workers now agree that various theories may be operable as hydrogen
affects the properties and behavior of the steels. Nevertheless, some of
the theories are contradictory. Thus our overall understanding of the
basic mechanism is as yet incomplete.

1.4. Trap Theory of Hydrogen Embrittlement

The concept of trap was introduced to help to amalyze hydrogen
embrittlement phenomena [28-31]. Traps are defined as heterogenieties in
the material with which hydrogen interacts quite stromgly. Crack ini-
tiation and propagation correlate closely with hydrogen trapping pheno-
mena, Hydrogen—trap interactions play a critical role in hydrogen assis-
ted cracking [30]. -

A single hydrogen-trap interaction which occurs by a reaction of
the type H + T = HT is governed by an equilibrium constant expressed in
terms of Fermi-Dirac Statistics [29] as

Ngr/ (aNp=Ngp) = (Ng/ (BN -Ng)) exp(Ep/kT)

where NHT' NH' NT' and NL are the number densities of trapped hydrogen,
hydrogen in Solution, defect traps, and solvent lattice sites, respec-—
tively. The degeneracy factors a and B are the number of trap sites per
trap and the number of intersititial sites per solvent atom, respective-—
ly. EB is the binding energy of the trap for hydrogen. Thus, a hydro-
gen trap is well characterized if its number density NT’ its binding
energy EB' and its saturability through the site degeneracy for hydrogen
are known.

Traps characterized by their strength or binding energy can be
divided into two types [30,31]. One is a reversible trap which can only
weakly bind to hydrogen, The other is an irreversible trap. The strong
traps behave irreversibly in the sense that the rate of escape of mobile
hydrogen is much smaller than the captured rate.

Traps can play an important role since they can strongly affect the
kinetics of hydrogen transport. Their presence can often reduce suscep-—
tibility by increasing the time necessary to reach some critical local
hydrogen concentration [30]. Sometimes traps act as hydrogen sources or
they accelerate the crack nucleation and propagation if the traps are
mobile. These mobile traps can transport hydrogen at a much faster rate
than by lattice diffusion, and provide an efficient locatiom of rapidly-
localizing of hydrogen concentration.

1.5. General Approach

Although investigators cannot agree on the basic theory of hydrogen
embrittlement, virtually all the studies support the hypothesis that one



necessary step in embrittlement is the development of a high, local and
critical hydrogen concentration [32].

There may be two approaches for preventing or minimizing the hydro-
gen embrittlement problem in steel. The first is to attempt to prevent
the absorption of hydrogen into the steel. This approach is sound and
important, but limited in its potential for reliable structures since it
will not always be possible to control the introduction of hydrogen,
This is particularly true when steels are planned for use in a hydrogen-
bearing environment. It is impossible to prevent hydrogen entry in the
steel.

A second approach assumes that some amount of hydrogen will inevit-
ably be present in steel and modification of the microstructure de-
creases the susceptability to hydrogen embrittlement,

When lath martensitic steels are embrittled by hydrogen, they can
fail by intergranular separation along the prior austemite grain bound-
aries (intergranunlar mode), by transgranular fracture which traverse the
prior austenite grains (transgranular brittle mode), or by void nuclea-—
tion and growth (dimple rupture mode). An example of the typical frac-
ture modes is shown in Fig.1l., All specimens were broken in a totally
ductile manner in the absence of hydrogen, but hydrogen changed the
fracture morphologies depending on the microstructures and alloy compo-—
sitions, Brittle fracture modes predominate or contribute to hydrogen
embrittlement susceptibility [4]. It appears that the presence of hydro-
gen encourages brittle modes of failure to operate at lower stress
levels.

The metallurgical flaws in the microstructure that permit cracking
to happen at relatively low stress must be identified to control brittle
fracture. It is then possible to begin to understand how hydrogen inter-
acts with those flaws, In the intergranular mode, it is apparent that
the microstructural flaw is the prior austenite grain boundary. Inter-
granular cracking sometimes occurs depending on the the material’s
chemical composition and processing [33-35]. In the first part of this
study, the intergranular mode was reviewed and characterized. 1In the
transgranular mode, the source of fracture due to hydrogen has not been
clearly identified. So the next part is focused on finding the metal-
lurgical origin which results in hydrogen assisted transgranunlar crack-
ing. A clear understanding of the microstructural sources of hydrogen
embrittlement shouvld lead to metallurgical modificatioms that will de-
crease embrittlement semsitivity.

2. EXPERIMENTAL PROCEDURE
2.1. Materials Preparation and Heat Treatment
The following steels were used for this study: 5.5 Ni steel, HY

130 steel, and 12 Ni steel. The compositions of these steels are given
in Table 1.



2.1.1. 5.5 Ni Steel

A commercial 5.5 Ni steel was provided by Nippon Steel Corporation.
The alloy was supplied as a 35.6 mm (1.4") thick plate and cut into
several the blocks. The alloy was annealed at 1200°C for two hours to
remove the effect of prior thermo—mechanical treatment, Specimens were
cut from blocks and pre-machined to oversized dimensions, The alloy was
austenitized at 8009C for one hour and quenched into ice water. Then
specimens were given two tempering treatments, The first was a ome-hour
temper at 600°C to produce the condition designated QT. The second was
the conventional QLT treatment: an intercritical anmeal for ome hour at
670°C followed by an intercritical temper for one hour at 600°C [36,37].

For the intergranular fracture studies, the specimens were given
various heat treatments to produce the various conditions needed to
creat different fracture modes (see Sec. 3.4).

2.1.2. BHY 130 Steel

HY 130 steel was obtained from the David W. Taylor Naval Ship
Research and Development Center in the form of a 25.4 mm (1") thick
plate. The alloy was annealed at 1200°C for two hours, austenitized at
800°C for one hour, and tempered at 625°C for one hour.

2.1.3. 12 Ni Steel

The 12 Ni steel was melted in vacuum from pure starting materials, -
cast as a8 9.5 kg ingot, homogenized at 1200°C for 24 hours under an
argon atomsphere and upset cross—forged at 1100°C into a 15 mm (0.6")
thick plate.

The plate was then annealed at 1200°C for three hours, furnace-
cooled to 900°C and quenched in water. Its conditiomn is designated
'AN’. The AN piate was machined and siiced to slightly over—sized Charpy
impact specimens, which were used for the experimental work.

The other treatment is a rapid reversion treatment to the austenite
reversion temperature in an indoction furnace., The specimen was heated
rapidly to 790°C and then immediately dropped into am o0il bath. A
single such cycle constitutes the ‘C' treatment; a double cycle is
designated ‘CC'. The temperature was monitored during the rapid rever—
sion cycle by spot—-welding a thermocouple onto the specimen surface and
embedding a second into the specimen center. The two had very similar
readings and showed that the surface and bulk reached essentially the
same peak temperature [38]. The sample treated in the induction furnace
reached peak temperature (790°C) in approximately 15 seconds, while
those heated in the air-muffle furnace took more than 15 minutes to
reach the same temperature.

2.2. Hydrogen Charging Procedure

The cathodic charging technique was used for hydrogen embrittlement
testing because of its safety and low cost compared with the high pres-
sure gas exposure technique.



The entry of electrolytic hydrogen from an acid solution into a
'steel specimen acting as a cathode can be expressed as

+ -
which can be followed by either

H

ads > Habs _ (2?

or

Hads + Hads > H2 . ' 3)

Experimental studies have shown that only a small fraction of the hydro-
gen generated as shown in Equation (1) is subsequently absorbed as
indicated by Equation (2), and that the majority of the hydrogen pro-—
duced is evolved as hydrogen gas [39]., The reaction indicated by Equa-
tion (3) can be inhibited by the addition of recombimation poisomns such

as As, P, and S to the electrolyte [39].

After machining to final dimensions, the specimens were covered
with teflon tape except regions that were to be charged. The electrolyte
was sulfuric acid solution and 0.5 mg of Asy0; and 1 ml of CS, was added
to 1 liter of this solution as a cathodic recombination poison to pro-
mote hydrogen entry into the specimens [40]. The anode was platinum
sheet or wire and the power source was an Eco model #550 potentio—
stat/galvanostat used as galvanostatic mode. External stress was not
applied during charging.

The current density and the charging time were left as charging
variables. Most specimens were charged for 24 hours to ensure the
uniform hydrogen distribution in the specimen, With the exception of
the Auger specimen, the specimens were not cadmium plated after hydrogen
charging.

Hydrogen was expected to diffuse out from the Auger specimens on
the high vacuum chamber before fracturing; therefore, it was necessary
to prevent hydrogen effusion from specimen. Specimens were electro-
plated with cadmium because cadmium is considered an effective barrier
to hydrogen permeation [41].

For the outgassing experiment, the specimen was put in the high
vacuum chamber at room temperature for 20 days.

2.3. Mechanical Testing
2.3.1. Tensile Test

Uniaxial tensile tests were performed at room temperature and at
77 K using an 5 kN (1.1kips) capacity Instron Tensile testing machine

(model TT-C) and a 220 kN (50kips) capacity Instronm 1332 universal
testing machine,
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The tested specimens were round tensile specimens with 25.4mm (1
in) gage length and a 6.4mm (0.25 in) gage diameter, as shown in Fig. 2.
Constant c¢ross—head %peed was 6.35 x 107° mm/sec for Instron 1332
machine and 1.67 x 10 ° mm/sec for Instron model TT-C. The tensile test
were started within 5 minutes after the completion of hydrogem charging.

The yield strength was calcunlated by the 0.2% offset method and the
total elongation was determined by measuring the difference in distance
between gage length marking both before and after testing. The elonga-
tion and reduction in the area were measured by a travelling microscope
with an accuracy of + 0.0lmm.

2.3.2., Three Point Bending Test

Standard size Charpy specimens were modified to use in the three
point bending test (Fig.3). Specimens were machined after heat treat-
ment, fatigue precracked, and subjected to hydrogem charging. The
notches were made perpendicular to the rolling direction of the plate,
The crack tip area was protected with teflon tape, while the back side
of the crack tip was exposed to the electrolyte for hydrogen absorption.
The 1334 kN (300kips) MTS universal testing machine was used for this
test. ' ) v

2.4. X-ray Diffraction Analysis

X-ray diffraction analysis was performed to measure the volume
fraction of austenite phase in the experimental alloys. Specimens were
cut from bulk samples, ground on a set of SiC paper to creat a clean
smooth surface, and chemically polished in a solution of 3 ml HF(48%) +
100 ml1 H,0, (30%) for 10 minutes to remove any deformed surface where
mechanically—induced transformation of the austenite phase may have
existed. After this preparation, the specimens were scanned with either
a Picker X-ray diffractometer (model 3488K) or a Siemens Kristalloflex
X-ray diffractometer (model 500D) using Cu K, radiation. The volume
fraction of austenite was calculated using Miller's method [42] in which
the average integrated intensities of the (220) and the (311) austenite
peaks are compared with that of the (211) martensite peak.

The formula used was:
. = 1. + 1.
Vol.%y =1 417/(Ia 1.4 IY)

where I_ is the average integrated intensity of the (220) and the
(311) austenite and I, is integrated intensity of the (211) marten-
site peak.
2.5. Microscopy
2.5.1. Optical Microscopy

Specimens for optical microscopy were mounted in Koldmount or
bakelite. The surfaces were ground by a step-by—step hand grinding

using up to 600 grade SiC papers under flood cooling. Polishing was
done on 1 ym diamond paste wheel and finally with 0.3 ym alumina on a
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felt cloth, The specimens were etched with a 2% nital solution to
reveal lath structure. The microstructures were examined with a Carl
Zeiss metallograph. )

2.5.2. Scanning Electron Microscopy

The fracture surfaces were examined in the scanning electron micro—
scope (SEM) to characterize the fracture mode, crack propagation process
and local deformation, The microscopes used in this study were an AMR
1000 SEM and ISI DS 130 SEM. :

Chemical analysis was performed with a Kevex X-ray detector and
analyzer attached to the microscope.

2.5.3. Stereo Scming Electron MNicroscopy

Stereo fractographs were taken using the specimen tilting method to
get the three dimentional image. The specimen was tilted symmatrically
across the flat surface to minimize the distortion of the images. The
optimum tilting angle was determined to be 10 degrees, Stereo pairs of
SEM fractographs were observed under a WILD ST4 mirror stereoscope.

2.5.4. Transmission Electron Microscopy

Specimens for the study by Transmission Electron Microscope (TEM)
were first cut into wafers of about 400 pm thickness by an abrasive
wheel saw with flood cooling., These wafers were chemically thinned to
about 100 pm in a solution of 3 ml HF (48%) + 100 ml H,0, (30%). The
chemically thinned wafers were spark-cut into disks of 3 mm diameter,
which were ground on a set of SiC papers to a thickness of 50 pum. These
disks were thinned to perforation in a twin-jet electropolishing appara-
tus uwsing a cooled solution of 400 m1 CH3CO0H + 75 gr CrOg + 30 m1 H,O.
Operation voltage was about 35 mV - 40 mV,

The foils were examined with Phillips 301 and 400 electron micro-—
scopes operated at 100 kV., High voltage microscope (Hitachi 650) was
often used to observe the foils at 650 kV. :

2.5.5. Profile Fractographic Technique

For the investigation of crack propagation, fracture sarfaces were
plated with nickel or pure iron. After the specimens were mounted with
bakelite and they were cut perpendicular to the fracture surface and
along the direction of crack propagation. The cross sections were
polished, etched, and observed along the edge of the fracture surface in
optical microscope or SEM. These cross sectional areas for SEM observa-
tions were coated with evaporated gold for electrical conduction,

The cross section of the fracture surface was also examined in the
TEM. The plating layer for profile TEM was 0.8-1.5 mm, The specimens
were sliced and mechanically polished to reduce thickness. Then thin
foil specimens were prepared by a combination of electropolishing and
jon beam milling [43,44]. A number of foils were obtained, which con-
tained the profile of the fracture surface within the region that was
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transparent to 100 kV eletrons. The foils were then examined in 2
transmission electron microscope at an operating voltage of 100 kV and
of 650 kV. :

2.6. Aunger Electron Spectroscopy (AES)

Specimens for Auger electron spectroscopic studies were cut from
the heat treated plates and machined to the shapes and dimensions illus-
trated in Fig. 4. Specimens were cathodically charged at the current
density of ‘100 A/mz‘ for 24 hours and then cadmium plated, according to
the method described in section 2.7.

Auger electron spectroscopic studies were carried out with a PHI
model 590 Scanning Auger Microscope (SAM) combined with a2 scanning
electron microscope and an Art ion sputtering gun,

Each specimen was put into the reaction chamber equipped with an
in-situ fracturing stage. The specimens were slowly loaded at room
temperature instead of impact—fracturing by hammer at liquid nitrogen
temperature to reveal hydrogen induced fracture. After fracture, the
specimen was positioned in front of the SAM cylindrical mirror amalyzer
and was then analyzed.

Following the AES analysis on the fresh fracture surface, the
surface was sputtered by an At ion gun, The sputtered regions were re-
analyzed to compare the difference between the surfaces before and after
sputtering, ' '

2.7. Etch Pit Technique

The orientation of fracture saurface planes were examined by the
etch pit technique in addition to profile transmission electromn micro-
scopy. Etching was done using the three—step procedure and the reagents
suggested by several investigators [45,46], The etchant and etching
time are summerized in Table 2. Between each step, the specimen was
flushed with running water. The specimen was observed in the SEM after
it was rinsed in ethyl alcohol.

2.8. Electroplating
2.8.1. Cadmium Plating

The cadmium plating bath consisted of 22 gr/1 of CdO, 144 gr/1 of
NaCN, 20 gr/1 NaOH, and 4.5 gr/1 of brightening agent dissloved in water
and the anode was a cadminm block. Plating started within 10 minutes
after completion of hydrogen charging and about 25 pm thickness of
cadmium layer was plated through all the specimen surface, :

2.8.2. Nickel Plating

A commercial electrolyte was used for a bright nickel deposit. It
consisted of 88 gr/1 nickel chloride (NiCl1,°6H,0), 315 gr/1l of nickel
sulfate (NiSO4'6HZO). and 45 gr/1 of boric acid H3BO3). In order to
avoid the formation of pores in the specimen-coating interface, the

»
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current density must be kept low, about 50 A/m2, at the beginning [44].
After a few hours, the current density could be successively increased
to a maximum of 200 A/m“,

2.8.3. Iron Plating

The bath used for irom plating was a solution of iron (II) and
calcium chlorides, which has been referred to as the Fischer-Langbein
solution [47]. The composition of the plating bath consisted of 300
gr/l of ferrous chloride (FeCl,°4H,0) and 335 gr/l of calcium chloride
(CaC12). This bath was operated at about 90°C using a high purity iron
electrode and a current density of 650 A/m“,
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PART I, INTERGRANULAR CRACKING
3. THE STUDY OF HYDROGEN ASSISTED INTERGRANULAR CRACKING
3.1. Observation of Intergranular Cracking in 5.5 Ni Steel

The 5.5 Ni steel that had been homogenized at 1250°C fractured in
an intergranular mode when broken after hydrogen charging (Fig. 54).
The same alloy fractured in a ductile mode when broken at room tempera-—
tore before hydrogen charging. Intergranular cracking was not observed
when the specimens were broken at liquid nitrogen temperature (Fig. 5B).
As homogenizing temperature decreased, the portion of intergranular
fracture decreased. The specimens homogenized below 1200°C and quenched
to room temperature fractured in a mixed transgranular and dimple rup-—
ture mode even though hydrogen was charged.

3.2. The BReview of Intergranular Fracture
3.2.1. Grain Boundary Chemistry

Impurity segregation on the grain boundary is regarded as the cause
of intergranular fracture in iron and steel and has been studied exten-
sively [33,48,49]. The most common elements which segregate to the
grain boundaries and cause embrittlement are phosphorus [50-53], sulfur
[54-57]1, tin [48,58], and antimony [48,59]. In addition to them, Te,
Se, and Si can be grain boundary embrittling elements [49].

The effects of alloying elements on intergranular embrittlement are
also recognized [35,49,50,60,61). It is believed that impurity segrega-
tion to the grain boundary is influenced by the presence of common
alloying elements [49,60]. It was found that Mo additions reduced phos-
phorus induced embrittlement, whereas Mn additions slightly enhanced it
[53]. Ni is considered to promote the segregation of embrittling ele-
ments such as Sn, Sb and P to the grain boundaries [61]. Cr and Mn
enhanced impurity induced grain boundary embrittlement in an Fe-impurity
alloy system [60].

These segregation of embrittling elements may occur during austeni-
zation [33] or aging in the temper embrittlement temperature range [48].

One important feature is that the extent of intergranular fracture
is directly proportional to the degree of embrittlement and increases
with increasing amounts of segregation to the grain boundaries.

It is believed that grain boundary embrittlement that caumses inter—
granular fracture is associated with decrease of grain boundary strength
due to segregation of impurities [49]. If impurity elements lower the
cohesive strength of the grain boundaries, they camse the boundary to be
the lowest energy path for crack propagation,
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3.2.2, Combined Effects of Impurities and Hydrogen

A substantial amount of research in lath martensitic steels has
shown that intergranular cracking can be accelerated in the presence of
both segregated metalloid impurities and hydrogen on the grain bounda-
ries., These embrittling impurities were found to be sulfur [54,62,63],
phosphorus [51,58,61,64-66], nitrogen [51,58,61]1, silicon [58,61,651,
tin [58,61,66], manganese [65]. Nickel also can be embrittled by hydro-
gen along the grain boundaries when Sb and Sn are segregated [67,68].

From the studies of temper and hydrogen embrittlement, the mecha-
nisms of hydrogen—induced intergranular fracture assisted by impurities
have been proposed [63,65,67,68]. Yoshino and McMahon [65] suggested the
cooperative effect of segregated impurities and hydrogen on the loss of
the cohesive strength of grain boundaries. Their interpretation of their
resolts showed an interaction between hydrogen induced cracking and
weakening of grain boundaries by impurities. Impurity elements like S,
P, Mn, and Si are presumably responsible for the reduction of grain
boundary cohesion. It was assumed that the presence of collected hydro-
gen can lower this cohesive strength still more, so that crack growth
can occur along these grain boundaries at very low values of stress
intensity. These observations are consistent with Oriani’s analysis,
which puts the main emphasis on the lowering of the maximum cohesive
force by collected hydrogen [22]. Shin and Meshii’s results suggest that
the grain boundary weakening effects of metalloid impurities and hydro-—
gen are independent and the combined effect is additive [69].

It has also been suggested that hydrogen and impurities have a
synergistic effect on hydrogen—induced intergranular fracture [67,68].
Research on the intergranular embrittlement of nickel suggests that the
entry of hydrogen into nickel occurs preferentially in the proximity
of grain boundary intersections with the free surface, due to the pre-
sence of impurities that act as hydrogen recombination poisons [39] and
stimulate the supply of atomic hydrogen to the crack tip.

It has been found that the amount of intergranular cracking in-—
creased and/or the mechanical properties decreased with the concentra-
tion of the grain boundary impurities. Bruemmer, et al, [62] correlated
the percentage of intergranular fracture due to hydrogen to the sulfur
concentration at the intergranular surface in pure iroms which were
deformed at room temperature with dynamic hydrogen charging. They found
that a critical concentration of 13% monolayer coverage of sulfur deter—
mined the transition of the fracture mode from transgranular to inter-
granular fracture., The critical concentration is expected to be
sensitive to the grain boundary segregation of other elements such as
carbon [40,56]. Shin and Meshii [63,69] showed that the fractmure stress
of a hydrogen—free specimen linearly decreased with increasing sulfur
concentration and that the fracture stress of hydrogen—charged specimens
severely decreases with increasing sulfur concentration,

The above results suggest that a relationship exists between the
role of the impurities and hydrogen in the reduction of grain boundary
strength; however, the exact mechanism of this relationship is not yet
known,
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3.3. The Source of Intergranular Fracture in 5.5 Ni Steel

The surface—sensitive AES technique was applied to detect any
segregation within a monolayer of the surface on the prior austenite

grain boundaries in the homogenized specimens. An attempt to use a
charpy size specimen to analyze the grain boundary surface after the

specimen was broken in air was made, but it was not successful due to
heavy oxidation. Therefore, an in-situ fracture stage was used to break
hydrogen—charged specimens in the high vacuum Auger chamber., Since about
20 minutes is needed to pre—pump and transfer the specimen to the
in-sitn fracture stage, hydrogen may diffuse out, so the specimen was
protected by a cadmium layer. Then a hydrogen—assisted intergranular
fracture surface was revealed in the Auger chamber and typical Auger
electron spectrum was obtained from the in—situ fracture surface,

As shown in Fig. 6, a sulfur peak was observed in the grain bound-
ary. Carbon and oxygen were also detected on the whole fracture sur-—
face; however, their presence was attributed to adsorption from the
environment. In order to reduce hydrogen outgassing from the Auger
samples, the sample was loaded and fractured at the vacuum of about 10
torr; therefore oxygen and carbon adsorption rates were sufficiently
high to account for the observed coverages. It was also noticed that the
vacuum suddenly dropped when specimen was loaded, which indicated that
hydrogen diffused out easily from the stressed specimen,

Phosphorus and other impurities were not observed. After Art  ion
sputtering on the prior austenite grain boundary, the sulfur peak disap-
peared from Auger spectrum (Fig. 6A and D).

3.4. Heat Treatment Effect

Some specimens of 5.5 Ni steel were heat treated for further study
of intergranular cracking. After each heat treatment, the specimens were
quenched into water. Standard charpy size saw—cut specimens were broken
at liquid nitrogen temperature without hydrogen charging or at room
temperature using a three point bending fixture (Fig. 7) after hydrogen
charging at a current density of 100 A/m for 24 bours., The fracture
surfaces were examined to measunre the portion of intergranular fracture.

Case 1, Homogenized at 1250°C for 2 Hours,

Uncharged specimens were broken in a totally ductile manner at room
temperature and in a quasicleavage mode at liquid nitrogen temperature
(Fig. 5B). The charged specimen fractured at room temperature showed a
mixture of intergranular and transgranular mode (Fig. 5A). The inter—
granular portion was about 70%.

Case 2. Homogenized at 1250°C for 2 Hours and Temper Embrittled
at 450°C for 200 hours.

Charged specimens fractured in a intergranular mode (Fig. 5C).
The fracture surface was very smooth and there was no indication that
some particles precipitated on the grain boundaries,
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. Case 3. Homogenized at 1250°C for 2 Hours and Austenitized at 800°C
for 1 Hour. :

The specimens broken after hydrogen charging showed intergranular
cracking (Fig., SD). The intergranular facet size of this specimen was
same as that found in Case 1 or 2, A careful examination of the fracture

surfaces showed small microvoids on the grain boundaries.

Case 4, Homogenized at 1250°C for 2 Hours Followed by Austenitized
at 1000°C for 1 Hour, P , :

Intergranular cracking was found in the charged specimen (Fig. 5E).
Grain boundaries revealed by hydrogen were same size as those formed at
1250°C, but the intergranular facets were very small compared with Case
2. It is believed that these grain boundaries were formed during a heat
treatment at 1000°C,

Case 5. Homogenized at 1100°C for 2 Hours.

Charged specimen fractured in a mixture of transgranular and dimple
rupture mode (Fig. 5F). No intergranular cracking was observed.

Case 6. Homogenized at 1250°C for 2 Hours and Tempered at 590°C,

The specimens were tempered at 590°C for one hour, three hours, ten
hours, and one hundred hours. The specimens showed primarily inter—
granular cracking after hydrogen charging (Fig., 8). Austenite precipi—
tated along the prior austenite grain boundaries and lath boundaries
since the tempering temperature (590°C) was within the two phase region
of a+y. As tempering time increased, the austenite would grow and the
austenite precipitates on the grain boundaries revealed by the hydrogen
assisted fracture would become larger.

Case 7. Homogenized at 1250°C for 2 hours and Tempering at 670°C
for 1 Hour and Tempering at 600°C for 1 Hour (designated ALT Treatment).

The ALT specimen was hydrogen charged and fractured using a three
point bending fixture at room temperature. The fractography of this
specimen is shown in Fig. 9. The specimen showed intergranular cracking
(Fig. 9A), but the fracture surfaces of this specimen were not so smooth
as those in the homogenized specimen (Fig. 9B).

3.5. Discussion
3.5.1. Homogenization

Normally sulfur is precipitated as a sulfide in steels and not free
to segregate to the grain boundaries. Sulfides like MnS, CrS, and FeS$S
become thermodynamically less stable with increasing temperature [70].
If sulfur is free in a solution or dissolved from sulfide compound, it
will segregate to the grain boundary.

Several investigators noticed that intergranular embrittlement was
observed when the austenitizing temperature was high [71,72]. Briant
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and Beneriji [71] found that no embrittlement was observed when the
austenitizing temperature was at or below 1000°C; however, above that
temperature, the sulfides dissolved and embrittlement was observed. If
the sulfur was precipitated as MnS, a much higher austenitizing tempera-—

ture was required to dissolve the sulfide [72]. Some of the sulfides
dissolved during homogenization at high temperature would segregate

along the austenite grain boundaries,

Similar problems occured in the 5.5 Ni steel when it was homoge—
nized at 1250°C, Detection of sulfur from the grain boundaries showed
that a considerable amount of sulfides were dissolved, High resolution
scanning electron microscopy did not reveal the frequent precipitate on
the grain boundaries, and sputtering of the surface of the Auger speci-
mens showed that the sulfur was located very near the surface within a
monolayer, Therefore, sulfur did not exist in a precipitated form but in
a metalloid form. The specimens homogenized at 1200°C or 1100°C showed
less intergranular embrittlement since the dissolved sulfur was not
much, Uncharged specimens did not reveal intergranular cracking even
though they homogemized at the high temperature. The amount of segre-
gated impurities would not be enough to induce intergranular cracking
without the assistance of hydrogen; however, hydrogen presumably reduces
the strength of boundaries more, so cracking followed the grain
boundaries.

Once the sulfides were dissolved, it was very difficult to avoid
interganular cracking in the presence of hydrogen. All specimens homo-
genized at 1250°C showed some intergranular cracking on the fracture
surfaces,

This sulfur—induced cracking phenomena resembles the rather old
metallurgical problem of "overheating" or "burning" or alloy steels [72-
74]. "Overheating™ is caused by the solution of sulfide in austenite at
high temperatures and its subsequent re-precipitate during cooling to
form fine particles of sulfide on austenite grain boundaries, whereas
"burning" is due to the formation of a film of sulfur—-rich liquid at
austenite grain bouondaries [73]. Both phenomena require sulfur disso-
lution and segregation on the grainm boundaries.

3.5.2. Temper Embrittlement

Aging in the temper embrittlement temperature range would build up
the impurities on the grain boundary. The specimens show complete
intergranular cracking when they were homogenized above 1200°C followed
by aging at 450°C for 200 hours and broken after hydrogen charging.
All the specimens temper embrittled at 450°C for 200 hours revealed at
least a portion of grain boundaries, when broken at liquid nitrogen
temperature, In these cases the amount of impurities that segregate
along the grain boundaries during aging would be enough to decrease the
grain boundary strength without hydrogen. In the present experiment,
Auger analysis on the temper embrittled specimen was not attempted;
however, the other work on the same steel demonstrated phosporus segre-—
gation [75].
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It was found yhat avoiding tempering in the temper embrittlement
range reduced hydrogen induced intergranular cracking and increased the
fracture toughness value [58].

3.6. The Elimination of Hydrogen Assisted Intergranular Cracking

The present and previous research on the hydrogen—assisted inter-
granular cracking has showed that impurity segregation is necessary for
intergranular cracking. A possible way to eliminate intergranular crack-
ing problem is to prevent impurities from segregating to the grain
boundaries.

It has been found that titanium additions to low carbon steels
[76], rare earth additions [77], and possibly aluminum additions [35]
help to eliminate impurity induced embrittlement. o

The present problem is sulfur—induced grain boundary cracking.
High temperature homogenization causes the dissolution of sulfide so
that free sulfur can segregate on the grain boundary. So sulfur should
be removed from grain boundary. :

A low temperature homogenizing treatment would be helpful since
sulfide can not dissolve easily at low temperature. Unfortunately, a
high temperature soaking is necessary to obtain a uniform micro-
structure.

If the impurities had already segregated on the grain boundaries,
tempering was not effective in reducing the susceptability to inter—
granular cracking. Austenite precipitated along the grain boundaries was
revealed in Fig. 8. On the grain surface (grain boundary), both holes
and austenite precipitates are observed. The holes on the grain bound-
ary would be the location of the austenite precipitates on the other
conjugate surface. Smith [78] suggested that proeutectoid ferrites
formed on grain boundary would have a definite orientation relative to
one of the austenite grains and a random relationship with the other.
Even though the coherency and the orientation relationship of the inter-
faces were not obtained in the present experiment, austenite presumably
precipitated as Smith suggested. Incoherent interfaces can absorb im-
purities but not coherent ones [52]; therefore, fracture would follow
the incoherent interface.

The effect of austenite precipitates introduced by LT treatment
after homogenization was also stndied. It is well known that austenite
can getter elements that promote intergranular cracking [79]. It may
decrease susceptibility to hydrogen when the impurity concentrations at
the grain boundary are reduced. As is shown in Fig. 9, the charged
specimen also fractured in a intergranular mode; however, the fracture
surfaces were very rough and portions of the grain boundaries were stuck
together, which indicates that there was a resistance to separation and
it would have higher fracture toughness. However, this heat treatment
was not enough to eliminate hydrogen assisted grain boundary cracking.

One way to avoid hydrogen—assisted intergranular cracking is by the
removal of deleterious species in the steel and making pure material.
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HY 130 steel was purified by limiting the Mn and Si contents of
the steel, by avoiding contamination of Sn [35]. This material elimi-~-
nated the hydrogen—assisted intergranular cracking even though it aged
3000 hours in temper embrittlement temperature range. But as the impur-—

ity concentration in the grain boundary was increased, the hydrogen-
assisted fracture path became more intergranular and the fracture tough-

ness value decreased [35,58]. When the grain boundary impurity concen—
tration was low, hydrogen—induced cracking occured by transgranular.

3.7. Conclusion

The study has been conducted to characterize the hydrogen—assisted
intergranular cracking by using 5.5 N1 steels. The following conclusions
were obtained: :

(1). The main source of hydrogen—assisted intergranular cracking is
impurity segregation along the grain boundaries.

(2). Either high temperature homogenization or tempering at 450°C
for a long time induced the grain boundary embrittliement. Low tempera-
tore homogenization and avoiding tempering in the temper embrittlement
temperature range could reduce hydrogen—assisted intergranular cracking.

(3). Tempering at 590°C to introduce the austenite precipitates was
not effective in reducing the susceptibility to hydrogen—assxsted inter—
granular cracking.

(4). ALT treatment had some beneficial effect on hydrogen—assisted
intergranular cracking, but it could not eliminate intergranular
cracking. : :

(5). Making clean steel by avoiding contamination of impurities and
controlling the alloying elements can eliminate hydrogen—assisted inter—
granular cracking as found in the HY 130 steel [351].
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PART II. TRANSGRANULAR CRACKING

4. THE SOURCE OF HYDROGEN-ASSISTED TRANSGRANULAR CRACKING

As discussed in the Part I, the fracture mode shifts from inter-—
granular to transgranular mode when the concentration of grain boundary
impurities decreases, The second part of the thesis is to study the
hydrogen—assisted transgranular brittle fracture; the cracks propagate
through the grains in a brittle manner, Materials used in this study
were 5.5 Ni steel and HY 130 steel

4.1, 0bservat1on of Transgranular Crackxng and Degradation of Mechani-—
cal Properties

Figure 10 shows typical load-deflection curves for three—point
bending specimens of QT-treated 5.5 Ni steel fractured at room tempera-
ture with and without hydrogen charging. The hydrogen—free specimen ?ad
a high fracture toughness of approximately 330 MPa‘mlb2 (300 ksi'inll
and fractured in a totally ductile manner as illustrated by the scanning
electron fractographs presented in Fig. 11. Hydrogen charging the
specimen caused a drop in the load-deflection curve and a substantial
decreas 1n the fracture toughness to approximately 180 MPa‘'m / (160
ksi*inl ). The primary fracture mode was hydrogen assisted transgranu-
lar fracture (Fig. 12), with an occasional admixture of ductile rupture.
Secondary cracks were infrequently observed branching away from the
fracture surface. In the uniaxial tensile test, the effect of hydrogen
manifests itself as a decrease of ductility. The uncharged 5.5Ni QT
specimen has great ductility and was broken in a totally ductile mode
(Fig. 13). The reduction of area was 79.2% and the total elongation was
29.8%. Hydrogen charging increased the strength slightly but caused
large losses in ductility. The reduction of area of the charged speci-
men was 17.8% and the total tensile elongation was 5.6%. The fracture
mode was a mixture of transgranular brittle fracture and ductile rupture
(Fig. 14).

The brittle fracture mode characterizes the hydrogen susceptibil-
ity. Figure 15 shows the conjugated surfaces of hydrogen—assisted frac-—
ture. Both sides of the fracture surface match together with a one to
one correspondence even though they look complicated. The projected
- region of one fracture surface matches the hollowed region in the other
picture taken from the opposite fracture surface. These trans—
granular fracture surfaces suffered 1little deformation and separated
easily during fracturing. The material showing transgranular brittle
mode has low fracture toughness value and reduced ductility.

Accordingly, the next topic of this study was to characterize this
fracture mode as well as to identify the source of transgranular frac-—
ture. The application of high resolution SEM and profile techmniques of
hydrogen—assisted transgranular fracture surfaces has led to a signifi-
cant advance in their characterization. The use of SEM stereo pairs, in
particular, yields a three—-dimensional picture of the often complex
surfaces. Furthermore, the SEM allows the matching of opposite fracture
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surfaces. Profile techniques of the fracture surfaces allow an analy-
sis of fracture path.

4.2. Quasicleavage and Hydrogen Assisted Transgranular Fracture

The hydrogen—assisted transgranular fracture mode was first inter-
preted as cleavage [80] or quasicleavage (QC) [23]. Many investigators
used QC to describe hydrogen—assisted transgranular cracking, because
the transgranular mode in hydrogen embrittlement superficially resembles
QC in low temperature thermal embrittlement [5,54].

The morphological difference between hydrogen—assisted transgranu-
lar brittle fracture and low—temperature cleavage was reported by seve—
ral authors [81,82,83]. Kikuta [83] and others proposed that hydrogen
assisted fracture be called ’'quasicleavage fracture of hydrogen embrit-
tlement (QCHE)’ from the study of fracture facet size, fracture path,
the orientation of the fracture surface. Hinotami [81] et al. also
reported a morphological difference between low temperature embrittle-
ment and hydrogen embrittlement. The fracture surface in hydrogen em-
brittlement consisted of small facets and showed rugged appearance,
while low—temperature cleavage was smooth and flat. Nakasato and Bern-
stein [82] observed that hydrogen—assisted cracks were characterized by
the planar segments and the markings perpendicular to the advancing
crack front,

The most important feature of this difference comes from the orien-—
tation of fracture surfaces.

4.3. Crystallographic Orientation of Transgranular Cracking

Early studies of hydrogen—assisted transgranular cracking found
that the cracks were produced on {100} planes in Fe-3% Si single crys-—
tals [84~86]. These results were attained by observing the relative
position of etch pit arrays of dislocations and crack traces on one
specific surface of the specimen. The {100} planes are well known to be
the usual cleavage planes of body center cubic iron [87,88] and the
first concept of hydrogen—assisted cracking in BCC metals was cleavage
fracture,.

On the other hand, it was recently reported that hydrogen—induced
transgranular cracks occurred along the potential slip planes. These
fracture surface planes were {110} or {112} in a purified polycrystal-
line iron [40] and in iron single crystal [82], {110} in irom single
crystal and several commercial alloy steels [81], and {112} subbounda-
ries in a pure irom polycrystal [89]. Another report claimed that the
hydrogen—induced fracture surface was changed from slip plane to cleav-
age plane by silicon addition [82].

Crystallographic studies of hydrogen—assisted transgranuler crack-
ing was also conducted on the lath martemsitic steels. Hydrogen—-assist-—
ed transgranular cracks occurred on {110} planes [83,90] which were
identified by etch pit technigue.
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Gradually the fracture process of hydrogen—assisted transgranular
cracking has been recognized to be different from that of low—tempera-
ture cleavage since the crystallographic orientations of the fracture
surfaces are different. Therefore, it is not sufficient to interpret
hydrogen embrittlement as a mere extension of quasicleavage fracture.

4.4, Slip Plane Decohesion

Several authors have noted that the crystallographic orientation of
the fracture surface is identical to the dominant slip plane in BCC
metals., This coincidence between fracture plane and slip plane led them
to suggest that embrittlement occurs through a glide/slip plane decohe-
sion [91,92]. '

McMahon [92] proposed the mechanism of glide plane decohesion,
which is analogous to the behavior of Zn at low temperatures [93].
The schematic diagram of this model is illustrated in Fig., 16, This
model is based on two concepts: Moving dislocations carry hydrogen and
hydrogen alters the binding energy of the crystal lattice in such a way
that the cohesive energy is reduced. The carbides formed in the lath
boundaries could provide effective dislocation barriers. The presence
of hydrogen in the edge dislocation cores reduced surface energy and
produces Zn—like glide plane decohesion,

The mechanism can be summerized as follows [34,92]:

(1) Plane strain plastic yielding occurs and hydrogen is carried
along the slip lines in the cores of dislocations.

(2) The hydrogen is not only trapped and carried along by the
dislocation cores, but also it enhances screw dislocation mobility and
slip planarity [94].

(3) The accumulation of hydrogen in the slip lines becomes suffi-
cient to allow glide plane decohesion when edge dislocations are blocked
at the barriers such as interlath carbides.

But the evidence supporting this hypothesis in lath martensite
steels is indirect since the crystallographic studies in hydrogen assis—
ted cracking were done by etch pit technique [83,90] and optical frac-—
ture profile studies did not clearly reveal the crack path [34].

There is an alternative explanation for the observed crystallo-
graphy of hydrogen—assisted transgranular fracture which is based on
the orientation of lath boundary plane in high strength martensitic
steels [152]. The hypothesis is presented in the following sectionms.

4.5. The Structure of Martensitic Steels

Some steels (for example, iron~carbon) quenched from a high temper—
ature have a very fine and sharp microstructure. The structure of
quenched steel is called martensite in homour of A. Martens [95].
There are two major types of martensite in steels: plate martensite and
lath martensite [96].
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4.5.1. Plate Martensite

Plate martensite is usuwally found in high carbon, high nickel and
high nitrogen iron alloys. Plate martensite is composed of lenticular

plates. The plates form individually and are heavily twinned. Extensive
studies have been carried out elsewhere [95-99].

4.5.2., Lath Martensite

A typical lath martensite structure is shown in Fig. 17. The
structure is divided into grains of the prior austenite phase. A prior
austenite grain is subdivided into several groups, each of which is
named a ‘packet’ [96,98]. This optical microscopy shows that the basic
units are generally aligned parallel to one another in a packet. The
morphology of the individual unit has been characterized as needles
[99,100]1, cells [100], 1laths [99] or fine platelets [101]. This unit is
generally called a 'lath’. An individual lath resolved by etching is not
well defined in the optical microscope. -

Figures 18, 19, and 20 show transmission electron micrographs of
the interior of a packet within this structure. The martensite is heav-—
ily dislocated. The laths within a packet are usnally separated by
highly dislocated low angle boundaries, sometimes by high angle bound-
aries. Twin boundaries are also occasionally found (Fig. 21). Lath
boundaries lie nearly parallel to one another, but they are wavy and
dovetail shapes are also observed.

4.5.3. Lath Boundary Plane

The crystallography of lath martensite and the orientation of the
lath boundary (or the habit plane) has been identified phenomenologi-
cally by several authors. In early studies on lath martensite, the
habit plane was found to be {111} [102-104]. Subsequent investigations
using electron microscopy have ;$own that the habit plane is near to
{111} (equivalently {110} ) in lath martensite structures. It was
observed in low carbon.Fe-élalloys [{105,106], 1ow nickel Fe-Ni alloys
[98,100,107,108], low nitrogen Fe-N alloys [109], a pure iron martensite
[110], low carbon Fe—-Mn alloys [111], Fe-Cr alloys [112], and an Fe-Ni-
Mn alloy [113]. Some deviations from the {111} _ habit plane were re-
ported, which were approximately {557}  (an 8 Hegrees deviation from
{111} ) in low carbon Fe-C alloys [114], 3213} (10-20 degrees away from
{111}) in low carbon Fe-C alloys [115], and {575} (equivalently
{154}a) in an Fe-Ni—-Mn alloy [116]. The adjacent lths occasionally
have a twin relation and the twin boundary was reported to be {211}a
[117].

Most of the available evidence shows that the habit plane of lath
martensite is in the vicinity of {111} or {110}, even though uncer-
tainty still exists as to the exact crystallography of the habit plane.

The prevalence of the {110} plames in the boundaries of martensite
lath or subgrain suggests an alternative hypothesis for the observed
crystallography of hydrogen—assisted fracture. This hypothesis is that
transgranular fracture in hydrogen—-embrittled lath martensitic steels
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follows lath or subgrain boundaries, and hence resembles intergranular
cracking more than the transgranmlar cleavage or glide plare decohesion,
To clarify this issue, high resolution studies were performed to corre-
late the microstructure in lath martensitic steels to the hydrogen
assisted fracture path.

4.6. Fractographic Studies on the Fracture Surface
4.6.1. Scanning Electroa Microscopy

A close examination of the fracture surfaces revealed they were
decorated by fine, wrinkle-like features (Fig. 22C). This wrinkle-like
feature is much finer than the step or the ridge of the low temperature
cleavage (Fig. 23) and is comparable in dimension to the martensite
laths shown in TEM pictures (Fig. 18-21). Measurements of the fine unit
showed that its size was on the order of a martensite lath in width
[81,83]. ‘

Stereo observations of a temsile fracture surface reveal a feath-
ery, needle-like structure (Fig. 24). It was also observed that some
relatively flat areas are composed of several needle—like structures,

Another example of 2 stereo~fractograph of a three-point bending
specimen shows similar morphology (Fig. 25), The direction of crack
propagation is from the bottom to the top of the picture. Again, 2
needle—1ike structure and a relatively flat structure, which consisted
of needle-—like structure, were observed. Secondary cracks between rela-—
tively flat regions (one crack facet) were also observed. The struc-—
tural uwnits in a crack facet were stretched in a row, to the same
direction. The crack facets changed their directions at some boundaries
exhibited as shallow secondary crackings.

It was observed that dimple rupture fracture connected two adjacent
transgranular brittle fractures (Fig. 26,27). This resembles the shear
rupture which has the characteristic of small and shallow voids.

The above observations suggest that transgranular crackimg occurs
at least in part along with certain special planes and that it is likely
hydrogen charging can reveal the substructure of martensite by causing
interfacial separation.

4.6.2. Profile Fractographic Studies

The cross sections of the fracture surface of three point bending
speciments were observed to characterize the fracture path. Typical
examples of untempered 5.5Ni steel are shown in Figs. 28 and 29. The
main fracture surface was protected by iron plating. In Fig. 28 the
main crack is along the lath boundaries and short steps, indicated by
arrow heads, which connect the crack (Fig. 28B) were observed. Second-
ary cracks (Center of Fig. 28A or the right side of Fig. 28B) parallel
the lath boundaries and steps connecting secondary cracks were also
observed.
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The other fracture profile optical microscopy of 5.5Ni steel shows
a main crack and a secondary crack along the lath boundaries (Fig. 29).
This secondary crack was deflected at the packet boundary and both ends
of the secondary cracks were curved at the packet boundaries,

A new approach was tried to observe the hydrogen—assisted cracks,
First, specimens were loaded in a three-point bending fixture after
hydrogen charging to initiate fracture, then unloaded before the crack
had propagated thromgh the whole section, A section of the crack-arres-
ted region was observed (Fig. 30). Discrete cracks were found ahead of
the arrested macrocrack, Figure 30A was taken before chemical etching to
show the pattern of the discrete cracks. The crack propagation direc-—
tion was from left to right. Most of the cracks were disconnected from
each other, Figure 30B was taken after etching with a 2% nital solution
to reveal the martemsite substructure. This figure shows cracks along
the lath boundaries, most of which terminate at packet boundaries. The
only translath cracks observed were short crack segments connecting
cracks along adjacent lath boundaries.

Figure 31 shows a second example of a discrete crack in this sample
and illustrates the continuation of interlath cracks across packet
boundaries., A crack would propagate into another packet if neighboring
martensite laths were similarly oriented, This crack seems to be con—
nected through the whole section but careful examination of it shows
some discontinuity of cracks, and a high magnification picture confirmed
this (upper region of a crack). Cracks were not straight and followed
the etched boundaries.

Cracking along the lath boundaries was also observed in HY 130
steel (Fig. 32). Here the crack propagated parallel to the lath bound-
ary except upper center region where the crack followed the phase bound-
ary, This phase boundary may be either a packet or a prior austenite
grain boundary, but it is not clear from this picture.

These observations suggest that the crack propagates preferentially
along the martensite laths and lies either in or parallel to the lath
boundaries. Optical and scanning electron micrographs of etched frac-
ture profile specimens confirm this conclusion, but higher resolution
techniques are required to determine where the crack lies either in or
along the lath boundaries.

Transmission electron micrographs of the profile fractographic
specimens of three—point bend tests afford a more detailed view of the
fracture surface and the immediate subsurface region. Several examples
are presented in Figs, 33-40. There is some uncertainty in the precise
location of the fracture surface since the matching surface is unavail-
able and since it is possible that the specimen surface was slightly
altered by the plating process. It is clear, however, that the fracture
surface tends to parallel the long axis of the martensite laths. It
also appears that the fracture surface lies in the lath boundaries over
almost its whole length.

The fracture surfaces in profile transmission electromn micrographs
were not strictly straight because the lath boundaries were not
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straight, and dovetailing within the packet was frequent. A zig-zag
fracture surface indicates that the fracture process occurs along the
dovetailed boundary. A few trans—lath steps that deviated from the lath
boundary were observed (for example, the segment marked with an asterisk

at the lower right in Fig. 34) and they seem to represent short steps
connecting two main lath boundary crackings. High voltage transmission

electron microscopy allowed a larger portion of fracture surface to be
seen in Fig. 40, the fracture surface extended more than 10 pm along the
lath boundary. o

Some regions beneath the fracture surface were a little deformed so
the fracture surfaces were found close to the (110) plane by the trace
analyses of diffraction patterns (Figs. 33, 34, and 39).

Cracking along the {211} plane is possible since the {211} planme is
the boundary plane when adjacent laths are twin related [117] (see Fig.
21). The possibility of finding this plane is very small ina limited
transmission electron microscopy study of a fracture surface.

Some subsurface regions yield diffraction patterns in which the
spots are spread into arcs along the diffraction circle, as in Fig. 35
which is evidence of plastic deformation, :

The high resolution transmission electron fractographs also re-—
vealed a dense population of fine secondary cracks immediately beneath
the fracture surface, These secondary microcracks were observed in most
of micrographs; they are located by solid arrows in Figs. 33-38 and by
arrow heads in Fig. 39. The secondary microcracks almost invariably lay
in and along lath boundaries. They usually initiated at irregularities
in the lath boundary such as boundary intersections, steps, foreign
particles, and at the tip of fresh martensite which was transformed from
the austenite precipitate. They continned as sharp flaws in the boundary
plane. In one isolated instance, shown in Fig. 36, a microcrack was
located in the interior of a lath, This microcrack emanated from an
impurity particle which is probably a carbide.

The microcracks were commonly found in the first few micrometers of
material beneath the fracture surface but were not found in specimens
taken from deeper within the fractured sample.

. 4.7. Etch Pit Studies

Complementary work has been done to identify the orientation of
fracture surface by the etch pit technique. Some chemicals can attack
the surface very locally and the etch pits formed on the surface have a
characteristic appearance which depends on the crystallographic orienta-
tion of the surface.

Figure 41 shows elongated hexagonal etch pits on the hydrogen-—
assisted transgranular fracture surface, which indicates the {110}
plane. Etch pits were also obtained from the low temperature quasi-
cleavage plane of the same specimen to compare with the hydrogen assis-
ted transgranular fracture planme. Etch pits are square shapes since the
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cleavage plane is {100} (Fig. 42). This observation is consistent with
previous results [83,90].

4.8, Outgassing Experiment

The ountgassing experiment was done to determine whether the effect
of hydrogen is reversible or irreversible. Specimens used in this exper-
iment were the as received 5.5-Ni steel. Tensile tests were performed
with three kinds of specimens; the uncharged specimen, the hydrogen-
charged specimen, and the hydrogen—charged then outgassed specimen., The
results are shown in Table 3. The outgassed specimen had almost the
same tensile properties as uncharged specimen, Hydrogen—assisted trans-—
granular fracture mode was not observed in the outgassed specimen. This
result strongly suggests that the effect of hydrogen is reversible in
this steel.

4.9, Conclusion

The results presented above suggest that the hydrogen-assisted
transgranular brittle fracture in lath martensitic steels is governed
by interlath fracture. This conclusion is based on the following obser-
vations: ‘

(1) The superficial transgranunlar fracture plane is predominantly
the {110} plane which is the common lath boundary plane.

(2) A1l optical, scanning electron, and transmission electron
micrographic views of the fracture surface reveal an apparent interlath
fracture.

(3) Microcracks are common in the lath boundaries and certainly
associated with the fracture process.

(4) Trans—1ath fracture segments are only occasionally found and
seem to be internal microcracks due to irregularities of lath structure,
impurity particles, or short steps connecting interlath fractures.

Hence, hydrogen-induced transgranular fracture appears to be an
interlath phenomenon which phenomenologically resembles intergranular
fracture.

5. NICROMECHANISN OF HYDROGEN-ASSISTED TRANSGRANULAR CRACKING

The process of hydrogen assisted brittle fracture can be considered
to be made up of two major steps. They are crack initiation and crack
propagation. '

5.1, Crack Initiation

A microcrack will nucleate when hydrogen accumulates in vicinity of
crack notch tip and a critical concentration is attained. It is gener-
ally agreed that the probable site for hydrogen accumunlation is the
location of the maximum triaxial stress state near the crack tip region
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[22,118]. Hydrogen diffuses to this region under the driving force of a
stress gradient,

An analysis of Rice [118,119] shows the location of maximum tri-
axial stress ahead of a sharp crack

x = 25 = Ky2/(Eo)

where x = distance from the crack tip
8 crack tip opening displacement
Ky = stress intensity factor
Young’s modulus
the tensile yield strength

g

However, the crack initiation site is not restricted to the above
location calculated by macroscopic data. Microscopic variation of the
stress state and local hydrogen concentrations are also important.
The heterogeneity near the location of the maximum triaxial stress state
will be the most probable location for crack nucleation because the
incompatability of stress and hydrogen concentration exists across the
heterogeneity.

These facts suggest that the internal interfaces serve as the
preferred sites of hydrogen—assisted microcrack initiation. The trans-
mission electron fractographic studies revealed that the crack initiated
preferentially at the irregularities in the lath boundaries, inclusions
(or particles), and interlath austenite precipitates.

The interlath microcracks near the fracture surface almost certain-
ly formed ahead of the propagating crack tip, since the stress required
to nucleate them would be relieved once the crack tip had passed.
Costa and Thompson's experiment [54] in a QT-treated medium carbon steel
also implies that the crack initiated below the Charpy-type notch root.

This microcrack initiation is almost certainly associated with the
fracture process, which was proved by the outgassing experiment results
(Sec. 4.8.). Microcracks would affect the tensile properties if they
had already formed during hydrogen charging, Furthermore, micro-
cracks were not found far away from the fracture surface of the three
point bending specimen but were commonly found near the fracture surface
of the specimens. Previous work showed that the substructure of the
surfaces of dimple rupture fracture and low temperature quasicleavage
did not reveal the lath boundary cracks [43,120]. Therefore, the possi-
bility that the specimen would be damaged and microcracks would be
induced during specimen preparation can be ruled out.

5.2. Crack Propagation

A careful examination of the fracture surface suggests that crack-
ing occurs by the formation of small, lath boundary microcracks in
advance of the main crack and their joining. The main crack continues
to grow by repeated link—-up of subsurface interlath cracks., This is in
contrast to the incremental stable crack advancement. Profile studies of
the fracture surface contain clear evidence for crack propagation along
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lath boundaries, The continuity of the lath boundary network permits the
growing microcracks to link together., It was suggested that subsurface
cracks may present excellent sites for hydrogen recombination and pres-
sarization [121]. The localized internal stress due to pressure of
hydrogen developed in the microcrack may add the stress. Therefore this
additional stress can lower the critical stress for crack propagation,

Another feature of c¢rack growth is that it is discontinuous in
nature., Acoustic emission studies show that a mechanical stop or jump
can occur during crack propagation [122,123], In fact, "clicks" were
heard with the naked ear in the present experiment. A running crack
will leave the excess hydrogen concentration behind so reaccumulation
is necessary for another crack nucleation,

Sometimes, cracks grow across the laths. When the interlath micro-
cracks lie parallel to each other in 2 packet structure, they may link
by shearing the intervening bulk material, When the lath boundary planes
are poorly oriented for easy crack propagation with respect to macro-
scopic stress state, cracking along the lath boundary is not emergeti—
cally favorable. It may be possible that cracks transverse the lath
boundary leaving lath boundary cracks by a terracing process. Therefore
steps will be produced when the main and new lath boundary cracks join
together, This could also occur by shear rupture of material between
the cracks when the distance between the cracks is large enough for
voids to nucleate. v -

5.3. The Characterisitic of Lath Boundary Cracking
5.3.1. The Possibilitity of Impurity Segregation

The scanning Auger microscope was used to identify any possible
impurity segregation to the lath boundary. The Auger spectrum from the
fracture surface did not show any possible impurity peaks. Since the
specimen was fractured at a relatively low vacuum condition (see Sec.
3.3), contamination would disturb the detection of an impurity peak.
But it is certain that the amount of segregated impurities on the lath
boundary is much smaller than that on the grain boundary where a defi-
nite sulfur peak was observed in the annealed specimen at high tempera-
ture. It is unclear as to how the considerable amount of impurities can
segregate on the lath boundary.

5.3.2. The Structure of Lath Boundary

There have been few reports on the structure or characteristic of
lath boundaries. An analysis by Wakasa and Wayman [113] revealed that
the lath substructure consisted of three sets of (111> screw dislocation
in a cross-grid arrangement and dislocations at lath—-lath impingement
boundaries are of the same nature as those found within laths. Recently
Olson and Cohen developed a discrete—dislocation description of inter-—
phase-boundary structure [124,125] and applied these concepts to marten—
sitic interfaces in order to calculate the stress fields, energy, and
stability of martensitic interfaces [126]. But there is still a long
way to an extensive understanding of the exact structure and charac—
teristic of lath boundary.



31

‘However, it is well known that the lath boundaries are highly
dislocated., This dislocation structure certainly affects hydrogen—assis-—
ted cracking.

5.4. Interfacial Phenomena

There is some evidence that hydrogen affects interfacial cohesion,
The various kinds of interfaces could be the hydrogen assisted fracture
path, Preferred crack paths were found to be grain boundaries [40],
packet boundaries [54], twin boundaries [127], austenite/a’ martensite
and austenite/e martensite phase boundaries [128,129,130], subgrain
boundaries [64], and particle-matrix interfaces [131].

This observation of interfacial decohesion is comnsistent with pre-—
sent work on interlath cracking., Since the lath boundaries are highly
dislocated, hydrogen atmospheres will develop around lath boundaries.
Autoradiographic studies [129,132] showing tritrum trapping on lath
boundaries (cell walls) supports this observation. Hydrogen atmospheres
will certainly affect their interfacial cohesion.

It is also possible that dislocation glide influences the interlath
fractore; the embrittled specimens undergo substantial plastic deforma-—
tion during fracture and, in some cases, the material immediately adja-—
cent to the transgranular fracture surface has been significantly de-
formed. The results, however, seem to establish that classic "glide
plane decohesion” is a minor factor in the transgranular brittle mode if
it is relevant at all, Moreover, since the transgranular brittle crack-
ing is predominantly interfacial, it is not necessary to assume that
hydrogen has any relevant effect on the bonding characteristics of the
bulk alloy.

A similar process seems to operate in Fe—-based alloys which contain
no martensite phase. For example, Nagumo and coworkers [89] studied the
hydrogen embrittlement of pure irom and found that embrittlement occur-—
red only after the iron had been strained sufficiently to form well-
defined subgrains, Fracture then proceeded through the nucleation and
linkage of microfractures in the subgrain boundaries. Also, in this
case the dominant mechanism of "transgranular" hydrogen embrittlement is
apparently interfacial decohesion along internal boundaries.

6; EFFECT OF AUSTENITE PRECIPITATION
6.1. Intro&nction

A commercial 5.5 Ni steel was developed for structural use at
cryogenic temperature, and it is toughened for cryogenic service by a
three—step heat treatment (called the QLT treatment) [36,37] that causes
the precipitation of a significant amount of a thermally stable auste-
nite along martensite lath boundaries. The morphology, composition and
mechanical behavior of this precipitated austenite have been studied in
detail [36,37,88,120,133], and the precipitation of austenite has been
verified to be beneficial in improving the low temperature mechanical
properties [120,133].
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Meanwhile, several investigators [9,134,136] have suggested that
retained austenite is bemeficial to the hydrogen resistance of lath
martensitic steels. The mechanism of the improvement is, however, un-
clear and there are indications from other work that the austenite may
be harmful [137].

To help to clarity this issue, it was decided to investigate the
role of austenite in lath martensitic steels.

The plan was to use a heat treatment to introduce a controlled
distribution of precipitated austenite along the martensite lath bound-
aries and to determine the influence of this austenite on the degree and
mechanism of hydrogen embrittlement. Since the intercritical tempering
treatments that introduce austenite in this steel also temper the dislo-
cated lath martensite matrix, two heat treatments were used., The first,
designated QT, provides a tempered martensite with very little precipi-
tated austenite, The second, the QLT treatment, provides a tempered
martensite matrix that is densely decorated with fine interlath islands
of austenite.

6.2, Microstructure

When the ailoy is tempered at a temperature just within the two-—
phase a+y field, as it is in the QT heat treatment, the dislocation
network within the martensite is partly recovered and austemnite is
precipitated along the martensite lath boundaries [88,120,138]. The
microstructure of the QT alloy is shown in Fig. 43. The volume fraction
of precipitated austenite is only 1.8%, reflecting the relatively low
tempering temperature and short tempering time. It was difficult to
observe austenite in the lath boundary since the amount is very small.
Sometimes the austenite precipites were observed at the packet bound-
aries (Fig. 44).

The three—step QLT treatment produces a highly tempered martensite
structure with a dense distribution of precipitated austenite
(88,120,138]. The microstructure is shown in Fig. 45. The tempered
martensite laths are outlined by well-defined boundaries even though the
alloy has been tempered twice. The precipitated austenite content is
about 8.5 volume percent. The dark~field micrograph in Fig. 45B brings
out the elongated austenite particles along the martensite lath bound-
aries. The austenite precipitate can be distinguished from the so—called
retained austenite by its shape. Retained anstenite has a thin film
shape (Fig. 46) which formed along the lath boundaries during the rapid
quenching from the austenitizing temperature., Since the lath boundaries
are very low-angle boundaries, it is possible for the interlath auste-
nite to be simultaneously in almost exact crystallographic registry with
both of the neighboring martensite laths. The Kurdjumov-Sachs (KS)
relation [139] is usual (Fig. 45), although the Nishiyama-Wasserman (NW)
relation [140,141] is also occasionally observed (Fig. 47).

6.3. Mechanical Tests

The results of the uniaxial tensile tests are presented in Table 4.
In the uncharged condition the QLT specimen has a lower yield and ulti-
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mate tensile strength than the QT specimen, but has greater ductility.,
Both alloys are significantly embrittled by hydrogen charging. The
strength increases slightly while the ductility decreases substantial-
ly. The QLT specimen is the more severely embrittled of the two. After
charging, the QLT specimen has a much lower tensile elongation than the
QT specimen (2.2% vs. 5.6%) and an even more obviously depressed reduc-—
tion in area (2.9% vs., 17.8%)., This result is significant since the QLT
specimen has a lower yield strength, and lower strength alloys usually
show less semsitivity to hydrogen [8,9].

The results of the three—point bend tests were, qualitatively, the
same, Before hydrogen charginf both the QT and Q?T alloys had high
fracture toughness (330 MPa‘m /2 and 360-MPa‘m1_2, respectively.)
Both specimens were embrittled by hydrogen charging (Fig. 46). Again,
the QLT specimen was the more severely affected of the two, based on its
load-bearing capacity and crack-openiffzdisplacement. Itslfftimated
fracture toughness (xmax) was 100 MPa'm , versus 180 MPa'm for the
QT specimen. ' : :

6.4. Fractographic Analysis

Without hydrogen charging both specimens fractured in a fully
ductile mode. After charging both fractured in a mixed mode that in-
cluded transgranunlar brittle fracture and dimple rupture (Fig. 49).
These observations confirm and complement the profile fractographic data
on the QT alloy presented in Sec. 4.6.

Figure 50 is a profile transmission electron fractograph of a QLT
specimen that was broken after hydrogen charging. The principal fracture
follows lath boundaries. Secondary microcracks appear along the lath
boundaries beneath the fracture surface, Some examples are marked by the
arrows in the Fig. 50. The microcracks vary in length, with the small-
est being about 0.01 pm,

Previous work [43,142] on tempered Fe—~Ni steels showed that preci-
pitated austenite undergoes an essentially complete transformation to
martensite in the deformed region near the crack tip. The hydrogen-—
charged QLT specimens behaved in the same way. While hydrogen charging
did not induce transformation by itself, the precipitated austenite in
the charged alloys transformed fully to martensite in the highly
strained region near the crack. As shown in Fig. 50, the regions of the
QLT specimens immediately below the fracture surface contain a number of
dark interlath islands that are morphologically identical to the preci-
pitated austenite islands shown in Figs. 45-47. Examples are at the
ends of the arrows in Fig. 50A, and just to the left of the lowest arrow
in Fig., 50B. However, high resolution diffraction studies show that
these are dislocated martensite particles. There is an essentially
complete transformation of the precipitated austenite near the fracture
surface. Interlath microcracks emanate from fresh martensite particles.
Typical examples are marked by the arrows in Fig. 51,52, and 53.
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6.5. The Influence of Precipitated Austenite

The results strongly suggest'that the presence of precipitated
austenite increases the severity of hydrogen embrittlement. The QLT-
treated alloys which has a substantially greater austenite fraction
(8.5%) than the QT-treated alloy (1.8%), is much less tough and ductile
after hydrogen charging, even though its yield strength is significantly
lower and its toughness and ductility in the vncharged condition are
higher. Since both alloys have a well-tempered martensite matrix the
principal difference between them is the austenite content,

The conclusion that precipitated austenite is the microstructural
flaw in the QLT alloy is reinforced by the fractographic studies,
These show that the precipitated austenite near the fracture surface
invariably transforms to fresh martensite, and that the interlath cracks
that form near the fracture surface almost always appear at the peri-
phery of islands of fresh martensite. The strain—-induced martensitic
transformation provides preferential sites for interlath fracture, It
has long been known that the presence of fresh martensite increases
susceptibility to hydrogen embrittlement [143,148]. Snape [155] also
showed that the presence of fresh martensite drastically reduced sulfide
cracking resistance.

6.6. The Mechanism of Embrittlement by Interlath Austenite

It is intuitively plausible that the transformation of the preci-
pitated austenite islands along the lath boundaries should promote
interlath fracture [153]. A possible mechanism is diagrammed in
Fig. 54, The martensite transformation of the precipitated austenite
involves a volume increase of 2-3% When the transforming particle is
an elongated inclusion that lies in the lath boundary, as it is in the
present case, the volume increase must impose a tensile stress perpendi-
cular to the boundary that promotes fracture in the lath boundary plane
by the wedge opening effect.

But the volume change on transformation does not cause interlath
cracking by itself. The interlath austenite also transforms during the
fracture of ferritic steels that are not hydrogen—charged, but does not
cause any noticeable fracture on the lath boundaries [43]. In fact, the
precipitated austenite is intentionally introduced into these steels to
improve their resistance to brittle fracture [36,37,120]. However,
hydrogen weakens the lath boundaries, as evidenced by the fact that the
hydrogen—induced fracture is interlath whether or not austenite is
present, to the point where they apparently cannot resist the combina-
tion of the applied stress and the stress imposed by the martensite
transformation,

The transformation of the interlath austenite may actually con-
tribute to the weakness of the lath boundary., Hydrogen is more soluble
in the face—-centered cubic austenite than in the body-centered cubic
ferrite, and has been shown to accumulate in the aunstenitic constituent
of a two-phase alloy [137]. If a saturated interlath austenite trans—
forms it produces a supersaturated martensite. The most likely hydrogen
diffusion path to relieve the supersaturation is along the 1lath
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boundary, which should yield a transient increase in the local boundary
concentration of hydrogen.

6.7. Comparison with Prior Work

As described in the Sec. 5.1., previous work on the influence of
retained austenite on hydrogen embrittlement produced mixed results.
Some authors [8,134-136] report an improvement in hydrogen resistance
when retained austenite 'is present while others report a deterioration
f137]. Since the fractographic details of the embrittlement are not
identified in the papers, it is not possible to make a specific compari-
son between that work and this. It does seem likely that the embrittle-
ment phenomena reported by Toy and Phillips [137] are similar to those
documented here.

It is, moreover, possible to suggest at least two circumstances in
which retained austenite might enhance hydrogen resistance., The first
was proposed by Ritchie et al, [134] and by Gooch [135] to explain an
increased resistance to hydrogen under dynamic conditions. They noted
the higher solubility and lower diffusivity of hydrogen in the austenite
phase, and suggested that the austenite might act as a sink for hydrogen
to retard its migration to the crack front. This model presumes, of
course, that the alloy is unsaturated and the austenite is mechanically
stable,

The second case in which one would expect the austenite to improve
hydrogen resistance is when the alloy is brittle in an intergranular
mode. As it was discussed in Sec. 3.6., it may reduce susceptibility to
hydrogen relative to that the alloy would have if its boundaries re-
mained contaminated. The fractographic evidence for this mechanism
would be relative improvement in the toughness in the hydrogem—charged
condition accompanied by a change in the fracture mode from intergranu-
lar to transgranular or by a change from the smooth intergranular sur-
face to rough one. The toughness in the presence of hydrogen would,
however, remain less than it would be if both the austenite and the
grain boundary contaminant were absent.

6.8. The Contrasting Influence of Precipitated Austenite on the
Ductile—Brittle Transition

The QLT treatment was developed for 5.5Ni steel to decrease its
ductile-brittle transition temperature for low—temperature service
[36,37]1. Roughly similar heat treatments are msed to control the duc-
tile-brittle transition in other ferritic steels [43,144,145]. The mech-
anism of brittle fracture in these alloys is transgranular cleavage.
The addition of precipitated aunstenite has the paradoxical effect that
it suppresses transgranular thermal embrittlement while it promotes
transgranular hydrogen embrittlement.

The source of the paradox lies in the different fractographic
mechanisms of transgranular thermal and hydrogen embrittlement. The
dominent low—temperature cleavage plane is the {100} cleavage plane
[87,88,146]. This plane crosses the low—angle martensite lath bound-
aries with the consequence that martensite packets cleave as a unit.
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Interlath austenite cuts through the cleavage planes. The precipitation
of austenite along the martensite lath boundaries serves to interrupt
the cleavage planes, as illustrated in Fig. 55 and hence refines the
effective grain size of the alloy. This grain refinement is indirect.
In virtually all cases studied to date the precipitated aunstenite is
mechanically unstable and is transformed to martensite by the plastic
deformation associated with the advancing crack. The crystallographic
variant of the martensite product is influenced by the mechanical state
at the time of transformation [120,144], as illustrated in Fig. 56 which
was taken from substructure near the dimple fracture surface. The mar-
tensite variant adopted by the machanically retransformed aunstenite is
usnally different from the dominant variant of the surrounding packet.
The crystallographic alignment of the martensite packet is hence broken
up, and the possibility of clean trans—-packet cleavage along the crys-
tallographic planes is removed. Since the ductible-brittle transition is
associated with the replacement of ductile rupture by the cleavage
fracture mode, microstructural changes which increase the difficulty of
cleavage fracture are effective in lowering the ductile-brittle tramsi-
tion temperature. However, hydrogen embrittlement shifts the dominant
fracture plane to the lath boundary, which tends to lie near {110}, The
interlath austenite lies in these planes. Its transformation promotes
interlath fracture by the mechanism outlined above.

7. NODIFICATION OF MICROSTRUCTURE
7.1. Approach

Since the mechanism of transgranular hydrogen embrittlement is
interlath separation, there are several ways in which it might be
suppressed:

(1) By preventing the accumulation of hydrogen in the lath bound-
aries to the critical concentration.

(2) By improving the inherent resistance of the lath boundary to
hydrogen embrittlement.

(3) By decreasing the mean free path of a lath boundary crack.

It is not clear how the internal structure of the boundary could be
changed to prevent the segregation of hydrogen or to improve its inher-
ent resistance. It is not always successful and sometimes dangerous to
add traps in the steel to prevent the accumulation of hydrogen in the
lath boundary since they could be potential crack nuclei [11,30].
An example of this is the introduction of austenite precipitates.

The microstructural feature that can be controlled is the dimension
of the lath that determines the mean free crack length or the potential
crack length during crack propagation. Reducing the facet size can
increased the amount of plastic deformation during crack propagation,
For example, in the coarse microstructure (Fig. 31), the cracks run
along the lath boundaries easily for several hundred micrometers and, in
the finer microstructure (Fig. 30), the cracks were short and
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disconnected and will not propagate easily. So refining the lath struc-
ture and making it more complicated will improve the resistance of
hydrogen—assisted cracking. Since several results imply the beneficial
effect of grain refinement [147,148], this approach looks like a good
solution to hydrogen problem in steels.

Previous work [38] has shown that the lath size is dramatically
reduced and the alignment of laths are very complicated if the alloy is
given a repeated rapid thermal cycle., This method was applied to attack
hydrogen embrittlement problem and the hydrogen sensitivity was tested
with rapid thermal cycled specimens,

7.2, Microstructure

Annealing at 1200° followed by water quenching produced a coarse
microstructure. The microstructure of the 12Ni steel alloy in the
annealed-and—-quenched (AN) state is illustrated by the optical micro—
graph in Fig., 57A. The alloy is divided into prior austenite grainms,
each of which is subdivided into packets of lath martensite. The
boundaries of the packets are irregular, as evidenced by their jagged
appearance in the plane of the micrograph and by the appearance of
islands of one packet in the interior of its neighbor.

The substructure of the alloy is illustrated by the transmission
electron micrograph in Fig, 58, which is typical of those taken to
characterize the substructure of the steel, This micrograph contains
over 70 parallel laths that are long and nearly straight in the plane of
the figure, Selected area diffraction patterns were taken over the whole
area shown., An example is included in the inset to the figure, The
diffraction patterns show that all laths have the same crystallographic
orientation, demonstrating that only a single martensite variant is
present, It follows that the laths are separated by low—angle bound-
aries.

The microstructures of the alloy in single and double rapidly
thermal cycled (‘C’' and ‘CC’ respectively) are shown in Fig. 57B and C.
It is clear that the microstructural change induced by the rapid thermal
cycle is quite different from that associated with conventional austeni-
tization, There is no evidence of recrystallization in the ’'C’ and 'CC’
microstructures, but the packet substructure has been disturbed, parti-
cularly after the second rapid cycle. In the 'C’ condition the prior
austenite grain bonndaries are roughened and partly obscured by the
martensite transformation product. In the ’CC’ condition the prior
austenite grain boundaries can hardly be found. The substructure of the
alloy in the °'CC’' condition is illustrated by the transmission electron
micrograph shown in Fig. 59. In contrast to the 'AN’ (Fig. 58) condi-
tion, the lath morphology within the 'CC’ alloy is irregular and the
lath boundaries are difficult to trace. The crystallographic alignment
between adjacent laths has been largely destroyed. The distinct variants
can be separated with dark field techniques, as shown in Fig. 59.
The region shown in Fig. 59 contains at least three martensite var-
iants, which yield three distinct diffraction patterns that are indexed
as [113], [001], and [115]. The dark field micrographs were taken from
the diffraction spots that are marked with arrows in these three
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diffraction patterns. The results show that different martensite var-
iants are intermixed on a very fime scale.

The results of the transmission electron microscopy suggest that
the 'CC’' alloy has an extremely fine effective grain size, on the order
of 1 pm,

7.3. Fractography

The specimens were broken by bolt—loading immediately after hydro-
gen charging., Figure 60 shows the scanning electron microscopy of the
fracture surfaces. The 'AN’ alloy shows a mixture of tramsgranular
cracking and dimple rupture and the 'C’' alloy shows the dimple rupture
mode with small regions of transgranular cracking, while 'CC’ alloy
shows totally ductile mode.

The °’AN’ and 'CC’' specimens were temper embrittled at 450° for
300 hours and broken after hydrogen charging. The 'AN’' specimen
fractured in an intergranular mode (Fig. 58A) but 'CC’ alloy fractured
in a totally dimple rupture mode (Fig. 58D). It has been reported that
there is a tendency to change the fracture mode from brittie transgran-
ular cracking to dimple rupture as the stress intensity increased in
hydrogen environments [122,135,149]. This correlation between fracture
mode and stress intensity suggests that thermal cycling yields a sub-
stantial resistance temper or hydrogen embrittlement.

7.4. Grain Refinoment by Rapid Thermal Cycling

The rapid reversion treatment that is used in the ’C’ and ’'CC’
treatments creates an extremely fine effective grain size by destroying
the alignment of adjacent martensite laths. Hence the term ’‘packet
refinement’ is used to distinguish this mechanism from the 'grain re-—
finement’ associated with the recrystallization of the austenite. Packet
refinement is clearly the most efficient means for decreasing the effec-—
tive grain size, This fine grain size governs both cleavage and hydrogen
embrittlement. The resulting alloy has a ductile-brittle transition
temperature well below 77 K [38] and fractures in a ductile mode after
tempering and hydrogen charging.

While the mechanism of packet refinement in a rapid austenitization
cycle needs further investigation, the results are plausible in the
light of current understanding of austenite reversion. Rapid reversion
prevents recrystallization due to the absence of holding time, so that
the austenite that retransforms into martensite on quenching has a high
density. The martensite is crystallographically related to its parent
by the Kurdjumov-Sachs relations: (111) // (011), [110]Y // [111] .
These relations permit 24 variants of martensite to appear im a
single prior austenite grain, but for reasons that are not well under—
stood, the martensite forms cooperatively in packets of a
single variant, Given the high defect density in reverted austenite, and
the propensity for the heterogeneouns nucleation of martensite, it is
certainly possible that the cooperative growth of adjacent laths is
suppressed so that martensite laths appear in small elements whose
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variants are more randomly chosen from among those permitted by the K-S
relations.

7.5. Concluding Remarks

This rapid thermal treatment reduced the facet size so made crack
path more tortuous and increased the amount of plastic deformation,
Rapidly thermal treated specimen fractured totally dimple rupture mode,
even though it was embrittled by hydrogen.

The possibility of achieving ulttafine grain size through a rapid
austenitization treatment has been used, empirically, in the development
of the multipass welding techniques that permit the welding of ferritic
cryogenic structural steels with ferritic filler metals [150,151], and
hence has commercial significance. In addition to it, this kind of
thermal cycle may help to explain the improved hydrogen resistance of HY
130 welds that are made with a multipass gas—tungsten—-arc (GTA) welding
process [154]

8. CONCLUSION
Part I. Intergranular cracking

Hydrogen-assisted intergranular cracking is observed in 5.5Ni steel
when the specimens are homogenized at very high temperatures. Aunger
electron spectroscopy analysis of these specimens shows that sulfur
segregates along the grain boundaries in the form of a metalloid. The
segregated impurity alone is not sufficient to cause grain boundary
fracture since intergranular cracking is only observed in the hydrogen-
charged specimens., One—step tempering at 590°C is not effective in
reducing the susceptibility to hydrogen—assisted intergranular cracking
when the grain boundaries are contaminated by impurities. Two-step
tempering treatments which introduce a dense distribution of precipi-
tated austenite are beneficial but do not eliminate intergranular crack-
ing. The elimination of intergranular cracking in hydrogen charged
specimens requires the removal of the impurities segregated along grain
boundaries.

Part IXI. Transgranular Cracking

The hydrogen assisted transgranular cracking in 5.5Ni steel and
HY 130 steel was characterized. All optical, scanning electron, and
transmission electron microscopy reveal the presence of lath-like struc-
tures on the fracture surfaces. Profile fractographic studies show that
the fracture surface generally follows martensite lath boundaries. In
addition, interlath microcracks are frequently found in the substructure
just beneath the fracture surface. These observations suggest that
hydrogen—assisted transgranular cracking is primarily an interlath
¢racking phenomenon, Since the lath boundary planes tend to lie in
{110}, the results explain the prevalence of {110} fracture surface
planes.
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The results also suggest a micromechanism for hydrogen—assisted
transgranular cracking in lath martensitic steels. Hydrogen diffuses to
the lath boundaries near the location of the maximum triaxial stress
state ahead of crack tip and weakens the lath boundaries. Fine cracks
form on the lath boundaries when the concentration of hydrogen reaches a
critical value. The main crack continunes to propagate along the lath
boundaries by repeated joining of interlath microcracks until it pro-
duces the macroscopic failure,.

The effect of precipitated austenite on hydrogen embrittlement in
5.5Ni steel was also investigated. The hydrogen resistance decreases
when it is heat treated to introduce a dense distribution of precipi~
tated austenite along the lath boundaries in the dislocated lath marten-
sitic substucture. The hydrogen—-induced fracture is transgranular and
follows the lath boundaries as it did in the QT specimens. The precipi-
tated austenite undergoes a strain—induced transformation to martensite
ahead of the crack tip. The strain associated with the transformation,
particularly the volume increase, apparently imposes a tensile stress
across the lath boundary that promotes fracture. Small microcracks are
often found that emanate from the periphery of the transformed austenite
particles along the lath boundaries. The transformed austenite may also
act as a source of hydrogen that contributes to the embrittlement of the
lath boundaries. It follows that austenite precipitation is not useful
for improving resistance to transgranular hydrogen embrittlement.

Rapid thermal cycling treatments were applied to 12Ni steel in an
effort to attack the hydrogen embrittlement problem. Repeated rapid
thermal cycling treatments refine the lath size and decrease the mean
free path of an interlath crack. The specimens given the rapid thermal
cycling treatments and embrittled by hydrogen failed in a totally duc-
tile manner. Since this ductile dimple rupture mode yields a high frac-
ture toughness, the resistance to hydrogen embrittlement is raised by
thermal cycling treatments.
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FIGURE CAPTIONS

Fracture modes in hydrogen assisted fracture. (5.5 Ni steel)
(A) dimple rupture mode (B) transgranular brittle mode
(C) intergranular mode

Round tensile specimen geometry.

Charpy size three point bend specimen geometry.

AES specimen geometry in—-situ fracture.

Scann1ng electron fractographs of the 5.5 N1 steel specimens

(A) homogenized at 1250 C (B) homogenxzed at 1250 C
(C) homogenized at 1250 C and tempered at 450 C

(D) homogenized at 1250 C and austenitized at 800 C
(E) homogenized at 1250 C and aunstenitized at 1000 C
(F) homogenized at 1100 c

All specimens except (B) were broken at room temperature after
hydrogen charging and specimen (B) was broken at 77 K without
hydrogen charging. :

Scanning electron fractograph and AES spectrum obtained from an
intergranular fracture surface before ‘and after sputtering
(A and D) and from a dimple rupture suvrface (untempered 5 5N1 steel)

Schematic diagram of a three point bending fixture and a

charpy size specimen.

Scanning electron fractographs showing precipitated austenite
on the grain boundaries. The numbers in upper right region
ofthe figures represent the tempering time at 590 C(5.5Ni steel).

Scanning electron fractographs showing the grain boundaries of
the ALT specimen (5.5Ni steel). (A) shows three grain bound-
aries and (B) shows detailed view of a grain boundary showed
in Fig. (A).

The load displacement curves of three point bend specimens of
5.5Ni steel tested before and after hydrogen charging.

Scanning electron fractographs of a three point bend specimen
broken in the wncharged condition. (QT treated 5.5 Ni steel)
(A) Low magnification fractograph showing the ductile rupture
fracture mode. (B) Higher magnification view of region out-—
lined in (A).



Fig.12,

Fig. 13.

Fig. 14,

Fig. 15.

Fig. 16.
Fig. 17.

Fig. 18,

Fig.19.
Fig. 20.

Fig. 21,

Fig. 22.

Fig. 23.

Fig. 24.
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Scanning electron fractographs of a three point bend specimen
broken after hydrogen charging. (QT treated 5.5 Ni steel)
(A)Low magnification fractograph showing the presence of
transgranular brittle fracture. (B) High magnification view
of transgranular brittle fracture. (C) High magnification
view of a region of ductile fracture.

Scanning electron fractographs of a tensile specimen broken at
room temperature before hydrogen charging.

Scanning electron fractographs of a tensile specimen broken
after hydrogen charging (QT treated 5.5Ni steel). (A) Low
magnification fractograph, (B) High magnification view show-
ing transgranular brittle fractuore., (C) High magnification
view showing ductile fracture. S

Conjugated fracture surfaces of 5.5Ni steel., The three—point
bend specimen was brokem at room temperature after hydrogen

charging, Arrows represent the crack propagation direction,

Schematic representation of a model for slip plane decohesion
proposed by McMahon,

Optical micrograph and schematic diagram showing grain, packet
and lath. (nntempered 5.5Ni steel)

Transmission electron micrograph of tempered HY 130 steel.

Another example of transmission electron micrograph of

tempered HY 130 steel.

Transmission electron micrograph showing low angle lath
boundaries in QT treated 5.5Ni steel

Transmission electron micrograph showing twin-related laths

in QT treated 5.5Ni steel. (A) shows a bright field image.
Fig.(B) and (C) are dark field images taken from spots indi-
cated by arrows in selected area diffraction patterns.

Scanning electron micrographs of tempered 5.5Ni steel broken

after hydrogen charging. (A) macroscopic view showing trans-
granular brittle fracture, (B) macroscopic view showing
shear—like fracture. (C) high magnification view outlinmed in (A).
(D) high magnification view outlined in (B).

Scanning electron micrographs showing quasicleavage fracture
(untempered 5.5Ni steel). The specimen was broken at 77 K
in an uwncharged condition.

Scanning electron micrographs showing needle—like features.
The specimen was broken in tension at room temperature after
hydrogen charging. (QLT treated 5.5Ni steel).
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Fig. 25. Scanning electron micrographs of a three point bend specimen.
The specimen was broken at room temperature after hydrogen
charging (as received 5.5Ni steel).

Fig. 26. Scanning electron micrograph of the 5.5Ni steel specimen
embrittled by hydrogen. Shear rupture fracture connected two
adjacent hydrogen assisted transgranular cracks,

Fig, 27. Scanning electron micrographs showing hydrogen-assisted trans-
granular fracture and shear—like dimple rupture between
transgranular fracture regions (untempered 5. 5Ni steel)

F1g 28. Optical micrograph of the cross section of the fracture
surface in the untempered 5.5Ni steel specimen embrittled by
hydrogen. The fracture surface was protected by iron plating.
(A) Low magnification picture showing profile surface. (B)
High magnification view of the fracture surface showing in (A).

Fig. 29. Optical micrograph of a profile specimen (untempered 5. 5N1
: : steel)

Fig. 30. Optical micrographs of a plane perpendicular to the fracture

: surface in a hydrogen—charged specimen, showing secondary cracks
ahead of the tip of an arrested crack. Photograph (B) was
taken after etching with nital to reveal the sample micro-
structure (untempered 5.5 Ni steel).

Fig. 31, Optical micrograph of an etched cross section through the
specimen showing crack propagation along lath boundaries and
crack deflection at packet boundaries (untempered 5.5Ni
steel).

Fig. 32. Scanning electron micrograph showing hydrogen assisted cracks.
The specimen was etched with 2% nital solution (tempered HY
130 steel).

Fig. 33. Transmission electron fractograph showing the fracture surface
(open arrows) and 3 subsurface interlath cracks (QT treated
5.5Ni steel).

Fig. 34, Transmission electron fractograph showing the fracture surface
(open arrows), apparent translath steps in the fracture
surface (*), and subsurface interlath microcracks (small
arrows) (QT-treated 5.5Ni steel).

Fig. 35. Transmission electron fractograph showing the fracture surface
(open arrows), a subsurface interlath crack (small arrow),
and a subsurface diffraction pattern (QT treated 5.5 Ni steel).

Fig. 36. Transmission electron fractograph showing the fracture surface
(large arrows), an interlath microcrack (a), and a microcrack
within a lath (b) (QT treated 5.5Ni steel).



Fig. 37.

Fig. 38.
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Transmission electron fractograph showing the fracture surface
(arrow heads) and interlath microcracks (small arrows), (QT-
treated 5.5 Ni steel) *

Transmission electron fréctographs showing the fracture surfaces
(arrow beads) and interlath microcracks (arrows). Both are

taken from the same area but with different tilting
conditions.

F1g 39 Transmission electron fractographs showing the fracture

Fig. 40,

Fig. 41.

surface (open arrows), interlath microcracks (arrow heads),
and diffraction patterns taken from a Ni plated layer(A) and
a subsurface region (B)

High voltage transmission electron fractograph showing the
fracture surface (open arrows) (QT-treated 5.5 Ni steel).

Scanning electron micrograph of the hydrogen assisted
transgranuiar brittle fracture surface showing distorted
hexagonal etch pits (QT-treated 5.5 Ni steel).

Fig.42, Scanning electron micrograph of the quasicleavagege

Fig. 43.

fracture surface showing square etch pits,
(untempered 5.5 Ni steel)

Transmission electron micrograph showing the microstructure
of 5.5 Ni steel in the QT condition,

Fig.44, Transmissionelectronmicrographshowingprecipitated aunstenite

Fig. 45.

Fig. 46.

at the packet boundaries (QT treated 5.5 Ni steel).

Transmission electron micrographs showing the microstructure

of 5.5Ni steel in the QLT condition. Figure (B) is a dark
field micrograph taken from a diffraction spot, showing
precipitatedaustenitealong themartensite lath boundaries.
Diffraction pattern shows the K-S relationship between austenite
and martensite.

Transmission electron micrograph of an untempered 5.5 Ni steel
specimen., (A) Bright field image (B) Dark field image showing
retained austemnite.

Fig.47.Transmissionelectronmicrographsshowingprecipitated austenite

Fig. 48.

Fig. 49,

in QLT treated 5.5Ni steel. Diffraction pattern shows the N-VW
relationship between austenite and martensite.

The load displacement curves of three point bend specimen of
5.5Ni steel in the QT and QLT condition before and after
hydrogen charging.

Scanning electron fractographs showing the fracture surfaces of

the QT and QLT specimens after hydrogen charging and fracture
in three—point bending (5.5Ni steel).



Fig. 50.

Fig. 51.

Fig. 52.
Fig. 53.

Fig. 54.
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Transmission electron fractographs of a hydrogen—charged 5.5
Ni QLT specimen. The fracture surface is marked by the open
triangles in micrograph (A). The solid arrows point to
interlath microcracks just beneath the fracture surface.
Micrograph (B) is a high magnification of the region
designated (B) in micrograph (A). The arrows point to
interlath microcracks, which tend to lie at the periphery of
fresh martensite islands, as evidenced by the cracks at the
upper and lower arrows.

Transmission electron micrograph showing the substructure just
below the fracture surface in a hydrogen—charged 5.5Ni steel
QLT specimen., The arrows point to interlath microcracks
which lie at the edges of fresh martensite particles.

Another example of transmission electron micrograph showing
the substructure just below the fracture surface.

Another example of transmission electron micrograph showing
the substructure just below the fracture surface.

Schematic drawing illustrating the probable mechanism of hydrogen
embrittlement in the presence of interlath austenite. (1) The
initial structure of dislocated martensite with interlath
austensite. (2) The interlath martensite transforms to
martensite in the stressed region ahead of the crack tip. (3)
The transformation volume change imposes a tensile stress
across the boundary, which has been weakened by hydrogen, and
nucleates microcracks. (4) The microcracks grow and coalesce
into macrocracks, ‘

Fig. 55. Optical micrographs of a plane perpendicular to the

Fig. 56.

Fig. 57.

quasicleavage fracture surface in an untempered 5.5Ni steel
broken at 77 K.

Transmission electron micrograph showing the substructure below
the ductile fracture surface in an as—-received 5.5 Ni steel
specimen. (A) bright field image (B) dark field image of
the precipitated austenite which still remained (C) dark
field image of mechanically transformed martensite.

Optical micrographs of 12 Ni steel. (A) annealed and quenched
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Table 1. Alloy Compositions

Chemical Composition (wt. %)

c Si Man P s Ni Cr Mo V Ti
$.5Ni 0.06 0.20 1.21 0,008 0.01 5.8 0.69 0.20 - -
HY 130 0.08 0.03 0.84 0.01 0.005 5.11 0.59 0.59 0.08 -
12 Ni 0.006 - - 0.001 0.002 12.07 - - - 0.20




Table 2. Etchant and Etching Time

(1) Etchant A

Reagent:

Time:
(2) Etchant B

Reagent:

Time:
(3) Etchant C

Reagent:

HC1 - 1 ce
H,0, 20 co
H,0 25¢cc
4 sec,

FeCl3-6H,0 20

HC1 io0
H,0 100
40 sec.

HCOOH - 25
B,0, 25
C,H 08 25

H,0 25

ce

cc

(]

c¢e

(~1+

cC

c¢e
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Table 3, Outgassing Experiment Data

57

{(No BH) (H) (baked)
Y.S. (MPa) 600 619 604
U.T.S. (MPa) 151 152 749
R.A. (%) 79.5 61.2 718.7
Tot. Elong.* (%) 29.9 19.3 29.1

® 25.4 mm (1 in) gauge length



Table 4. Tensile Test Da;a of 5.5 Ni Steel

o oar QLT

(No H) (B) (No )  (B)

Y.s. (MPa) 737 757 590 616
(ksi) 107 110 86 89

U.T.S. (MPa) 779 758 735 616
(ksi) 113 110 107 97

R.A, (%) 79.2 17.8 79.7 2.9
Tot. Elong.* (%) 29.8 5.6 34.6 2.2

* 25.4 mﬁ (1 in) gauge length
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1. Initial Structure
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