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High strength aluminum alloys have been used widely in the aerospace and automobile 

industries because of their high specific strength and good corrosion resistance. The rapid 

development of electric vehicles promotes the demand for these alloys for energy saving. High-

strength aluminum alloys, including heat-treatable 7xxx and 2xxx series, have been studied for 

decades. Their strength mainly comes from uniformly distributed precipitates inside the grains. 

High alloying is often required to provide a high-volume fraction of the precipitates to improve 

their mechanical properties. However, this alloying strategy brings along drawbacks. First of all, 

a higher strength usually compromises other properties such as ductility, electrical conductivity, 

and stress corrosion resistance, etc. Secondly, a higher alloying often deteriorates the 
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manufacturing capability of the alloys. For example, AA7034 aluminum alloy containing 11.0-

12.0% Zn and 2.5% Mg offers the highest strength among all commercial aluminum alloys. Rapid 

cooling is required for manufacturing AA7034 because of the need to suppress solidification 

cracking, porosity, and inhomogeneity induced by the high alloying. Moreover, high alloying often 

results in bulky secondary phases after common solidification, such as casting, thus making 

solutionization more difficult. Lastly, thermodynamics imposes inherent limits for alloy element/s 

solubility, thus unable to bring out more precipitates. In the 2xxx series, an extra amount of Mg 

cannot be dissolved during solutionization because of this solubility limit. The metallurgical 

barriers (e.g., manufacturing capability and thermodynamic limits) pose a grand challenge to 

further design and improve the overall properties of the high-strength aluminum alloys for 

widespread applications. 

A new nanotechnology-enabled metallurgy method, Nano-Treating (NT), has been 

proposed in recent years. By adding a low volume fraction of nano-reinforcements into an alloy 

melt (i.e., nano-treating), it can tune the solidification/manufacturing process, microstructure, and 

properties of the alloy. Researchers have found that nano-reinforcements, especially nanoparticles, 

can induce heterogeneous nucleation and effectively restrict grain growth during solidification, 

thus significantly reducing grain size and inhibiting dendritic arm development. When 

nanoparticles are added to multi-phase alloys, the secondary phase can be altered, refining 

secondary phases and modifying phase morphology. Moreover, nanoparticles can influence the 

precipitation behaviors of heat-treatable aluminum alloys. The precipitate free zone was found to 

be much reduced by nanoparticles. Improved mechanical properties were achieved by nano-

treating too. Nano-Treating has emerged as a powerful new metallurgical method in addition to 
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the traditional ones like alloying, grain refining, heat treatment, and plastic deformation. However, 

the nano-treating effects have never been systematically studied despite their great potential.  

To empower this new nanotechnology to improve high-strength aluminum alloys' 

manufacturing capability and properties, this thesis focuses on the nano-treating effects on 

solidification behavior and heat-treatment of high-strength aluminum alloys, and a systematic 

study was conducted. 

There are two methods to incorporate and disperse ceramic nanoparticles into the metal 

matrix. The first method is ex-situ incorporation that requires the addition of existing ceramic 

nanoparticles into the metal melt from outside. This method is more limited for manufacturing due 

to the cost of ex-situ ceramic nanoparticles. More often, the interfacial bonding between 

nanoparticles and matrix is not ideal. The second, more economical method is the in-situ synthesis 

of nanoparticles inside the molten metals. However, effective control of nanoparticle sizes during 

in-situ synthesis is challenging. Available controlling processes like rapid solidification, 

ultrasonication-assist fabrication, and high-energy ball milling are expensive and difficult to scale 

up for mass production. To enable nano-treating for mass production of metals, a new cost-

effective production method must be developed.  

The diffusion-controlled growth of a particle is related to the supersaturation of the 

reactants, diffusivity of reactants, and growth time. As the reaction is typically at high temperatures 

in molten metal, no surfactants can survive the temperature, thus unable to be utilized for diffusion 

and growth time control. Therefore, diluting the reactants would be effective in reducing 

supersaturation for size control of synthesized nanoparticles. A new controlling mechanism on 

growth time is also needed to achieve a more uniform size distribution. This study discovered an 
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interface-controlled mechanism to successfully fabricate in-situ TiB2, TiC, WC/W, ZrB2 

nanoparticles with small size and narrow size distribution. The new nanoparticle synthesis method 

builds a solid foundation for the industry-scale application of nano-treating. 

A systematic study of nano-treating effects on solidification and heat treatment was then 

conducted on high strength aluminum alloys. Examination of the microstructures of the nano-

treated alloys and solidification curves suggest a promoted nucleation and effective restriction of 

grain growth. During the last stage of solidification, the grain coherent point (GCP) is effectively 

postponed by nanoparticles, thus allowing sufficient time for liquid feeding to prevent 

solidification shrinkage and hot tearing. These nanoparticles-induced effects can significantly 

improve the casting capability and mechanical integrity as well as properties of alloys. The volume 

fraction of the secondary phases is also altered by nano-treating, possibly due to a higher 

permeability of the coherent solid network and a higher viscosity of the liquid. 

Furthermore, the study suggests that a promoted diffusion is achieved by interface and 

dislocation mediated diffusion. It is believed that nano-treating can effectively promote the 

solution treatment due to a reduced volume fraction and refined size of secondary phases, which 

facilitate the dissolution of the secondary phases during solutionization. This promotion effect 

enables the successful manufacturing of high alloying alloys like AA7034 at slow cooling by 

traditional casting. Improved dissolution of the secondary phases results in a higher level of 

supersaturation of the solute atoms within a specific time limit. Dislocations can also serve as 

heterogeneous nucleation sites to facilitate precipitates. A promoted aging also allows natural 

aging to yield adequate strength at a relatively short time. In general, nano-treating has two effects: 

“antibody effect” to improve the manufacturing capability and “vitamin effect,” to tune the 
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microstructure and properties of the alloy. To demonstrate the nano-treating effects, three 

application case studies are conducted. 

 The first application case study is to enable the manufacturing of high-strength Al-Zn-Mg-

Cu alloy by casting. While the highly alloyed AA7034 alloy offers the highest tensile strength 

among commercial aluminum alloys, its manufacturing typically requires a rapid solidification 

process, such as spray casting. Under any regular cooling rate, its high alloying content makes the 

secondary phase large and difficult to be dissolved. By nano-treating, AA7034 is successfully cast 

at a slow cooling rate with significantly modified microstructure, including the volume and size of 

the secondary phases. These refined phases were then more easily dissolved during solutionization 

to offer a higher mechanical property. 

The second application case study demonstrates a solution to eliminating the need for post-

welding heat treatment in arc welding of AA7075 alloy, as the post-welding heat treatment is never 

ideal for large parts and field welding. Unfortunately, it would take years for the natural aging of 

AA7075 alloy to reach its peak strength. When this alloy was butt welded by a nano-treated 7075 

filler wire with a reduced Cu content, the natural aging is promoted, and the weld recovered 77% 

of the base metal strength after 40 days, which is 50.2% stronger than the control sample welded 

by pure 7075 filler wire. 

The third application case study is to develop and cast high-strength Al-Cu-Mg alloy. 

AA2024 alloy, a typical high-strength wrought alloy, contains 4.5% Cu and a max 1.8% Mg. Its 

high alloying makes it prone to solidification defects. Thus, plastic deformation is required to close 

shrinkage porosity, making this alloy for wrought products only. Moreover,  this alloy has a limit 

of maximum Mg content at 1.8% as a high Mg content would form bulky Al2CuMg phase in the 
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matrix, which has a limited solubility during solutionizing. Nanoparticles successfully reduced the 

solidification defects and greatly recovered the ductility of the cast alloy. 

 In summary, this dissertation first discussed a new interface-controlled mechanism for in-

situ synthesis of ceramic nanoparticles to build a solid foundation for economical nano-treating of 

molten metals. Then the nano-treating effects on solidification and heat treatment were 

systematically studied. Finally, two critical effects from nano-treating were summarized: 

“antibody effect” to enable scalable manufacturing of various high-strength aluminum alloys 

without cracking and shrinkage porosities and “vitamin effect” to improve microstructure and 

properties of alloys. The effects were successfully demonstrated to develop and manufacture high-

performance aluminum alloys: manufacturing high-strength Al-Zn-Mg-Cu alloy, natural aging to 

AA7075 welds with nano-treated welding wires, and casting of high-strength Al-Cu-Mg alloys. 
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Chapter 1 Introduction 

1.1 Background and motivation 

Aluminum alloys have been intensively used in every aspect of human life in the past decades. 

They have high specific strengths, high corrosion resistance, and excellent damage tolerance. High 

strength 2xxx and 7xxx series aluminum alloys are heat treatable Al-Cu alloys and Al-Zn-Mg 

alloys and are widely used in the automobile and aerospace industries. Since 1991, the aluminum 

content in light vehicles has improved by more than 50% for a significant reduction in fuel 

consumption1. As a result, more efforts have been devoted to developing new aluminum alloys to 

achieve better mechanical properties while maintaining reliability. Engineers acquired impetus 

high toughness by reducing impurity levels, such as iron and silicon. Also, the resistance to 

exfoliation and stress corrosion cracking can be improved by utilizing special tempers or adding 

extra microalloying elements like zirconium and scandium2. However, alloying has a certain 

limitation due to manufacturing difficulty. For example, as typical precipitation strengthening 

alloy, the strength of Al-Zn-Mg-Cu alloy fundamentally depends on the volume fraction and 

distribution of fine precipitates. Though higher zinc content could theoretically provide better 

strength, it might also introduce coarser secondary phases formed during solidification, which is 

hard to dissolve during heat treatment3. Moreover, high-strength Al-Zn-Mg-Cu alloys and Al-Cu-

Mg alloys become more sensitive to strain rate during post-processing, such as extrusion, and more 

susceptible to stress corrosion cracking. The cast-ability also suffers from the high alloy content. 

Higher alloying content makes the alloy more susceptible to porosity, hot tearing, and 

inhomogeneity during casting4. This dilemma of achieving extra high strength by high alloying 

content and poor processing capability makes the task difficult. Fortunately, adding a small volume 
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fraction of inert nanoparticles into original alloys might create a new path to obtaining the next 

level of overall performance. 

It is well established that incorporating a small volume fraction of nanoparticles into metals 

can achieve effective grain refinements and secondary phase modification. Nanoparticles change 

the solidification behavior of a melt. Chen et al. found that for Al-20Bi alloy, the size of the 

secondary phase, with the help of TiCN nanoparticles, could be smaller than the sample without 

nanoparticles by orders of magnitudes5. Choi et al. also discovered that the formation of dendritic 

arms of the primary phases during casting would be suppressed. Adding alumina (Al2O3) 

nanoparticles into the melt significantly reduced the hot tearing of A206 cast alloy comparing to 

conventional grain refinement6. Sokoluk et al. discovered that AA7075 alloys could be safely arc 

welded without hot cracks by utilizing AA7075 welding wires that contain titanium carbide (TiC) 

nanoparticles7. In addition, Li et al. discovered the potential of a more uniform distribution of 

precipitates and less precipitate free zone (PFZ) along the grain boundary in Al-Zn-Mg-Cu alloy 

incorporated with TiN nanoparticles8. With the help of nanoparticles, it is thus highly possible to 

modify the precipitates, the grain size, and secondary phases. The nanoparticles have the potential 

to break the limits of convention metallurgy. Since it influences different aspects of metal 

processing, a new term, “nano-treating,” is invented to denote the overall modification of 

nanoparticles. However, the underlying mechanism of nano-treating is not systematically studied. 

Nano-treating of molten metals could be achieved in two ways: The ex-situ approach 

incorporates the nanoparticles from outside, whereas the in-situ method synthesizes nanoparticles 

inside the melt. The in-situ route is believed to be more economical and provide more stable, 

cleaner nanoparticles with stronger interfacial bonds with matrices9. Therefore, if an in-situ alloy 

master with a high volume of nanoparticles could be economically made, it would enable the mass 
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production of nano-treated alloys in industries. In-situ methods have been studied to fabricate 

ceramic particle enhanced composites for decades. However, there is no effective mechanism to 

achieve small size and narrow size distribution of nanoparticles synthesized in molten metals at 

elevated temperatures.  

Nano-treating can improve the overall performance of high-strength aluminum alloys and 

eliminate traditional manufacturing difficulties. As microstructures determine materials’ 

properties, it is important to understand how nanoparticles would influence the microstructure of 

the alloys, including solute atoms, primary phases, secondary phases, and precipitates, etc. As 

nano-treating would modify the microstructures at different materials processing stages, it is 

necessary to study its effect on solidification, heat treatment, and plastic deformation. Nano-

treating methods can then be successfully applied to manufacture high-strength aluminum alloys 

beyond conventional limits. 

1.2 Research objectives 

The objectives of this study include (1) Study size-control mechanism and develop an 

effective in-situ synthesis method of nanoparticles with narrow size distribution; (2) Study how 

nano-treating influences solidification, heat treatment, and plastic deformation of aluminum alloys; 

(3) Apply nano-treating for development, manufacturing, and application of high-strength  Al-Zn-

Mg-Cu and  Al-Cu-Mg alloys. 

: 

1.3 Work summary 

The dissertation will be organized as follows. 



4 

` 

• Chapter 2 reviews the metal matrix nanocomposites, current fabrication methods, and 

existing research of nanoparticles' influence on alloy systems. 

• Chapter 3 describes a new interface controlled in-situ fabrication method of different 

ceramic nanoparticles in different metals 

• Chapter 4 studies how nanoparticles modified the microstructures of the alloys during 

solidification, heat treatment, and plastic deformation. 

• Chapter 5 presents the nano-treating effects on high-strength Al-Zn-Mg-Cu alloys. 

• Chapter 6 discusses nanoparticle influence on natural aging and its application for 

welded AA7075 alloy 

• Chapter 7 studies nano-treating enabled design and casting of unprecedented high-

performance Al-Cu-Mg alloys 

• Chapter 8 draws conclusions for this study. 

• Chapter 9 provides recommendations for future work.  
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Chapter 2 Literature Review 

2.1 Nano-treating 

2.1.1 Nano-treated alloy and metal matrix nanocomposites 

Nano-treating is to modify the alloy by adding a small number of ceramic nanoparticles10. 

Metal matrix nanocomposite (MMNC) is a multiphase metallic material where the reinforcements 

have one dimension less than 100 nm11. Therefore, by definition, a nano-treated alloy is a specific 

type of MMNCs whose volume fraction of nano-reinforcements is low. Nano-treating is more 

focused on how nano-particulates modify the manufacturing process, structure, and properties of 

the alloy. MMNCs are often known as a certain type of composite materials that combines the 

properties of both base materials and reinforcements: metal bases have good ductility and high 

toughness, while ceramic reinforcements can add more strength and modulus to MMNCs11. The 

strengthening mechanisms have been a key focus for MMNCs, especially when a high-volume 

fraction of nano-reinforcements is incorporated. The extra strength comes from the load transfer 

effect, Orowan strengthening, coefficient of thermal expansion (CTE) mismatch, and elastic 

modulus (EM) mismatch12. On the other side, Nano-treating intends to influence the solidification 

behavior, heat treatment, and plastic deformation of the alloy. 

2.1.2 Nanoparticle-enabled grain refinement 

Nanoparticles are effective grain refiners13. The main mechanisms of nanoparticle-enabled 

grain refinement include nanoparticle-enabled heterogeneous nucleation14 and growth restriction15 

of the primary phase. Optical images of Al-10Si alloys refined by TiCN nanoparticles were 

presented in Figure 2-115. 
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Figure 2-1. Typical micrographs of as-cast Al–10Si alloys with increasing the NP addition levels. (a) Matrix alloy; (b) 0.5 vol.%; 

(c) 1 vol.%; (d) 2 vol.% 
15

 

 

During solidification or phase transformation, heterogeneous sites, e.g., inclusions and 

mold walls, can decrease the nucleation energy barrier, thereby increasing the nucleation rate. An 

illustration of heterogeneous nucleation on a flat facet of a nanoparticle is shown in Figure 2-2. 

 

Figure 2-2. Diagram of a solid-phase nucleus on a flat facet of a nanoparticle. 1 – 

melt, 2 – nucleus, 3 – nanoparticle16 
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The volume rate of heterogeneous nucleation can be calculated as Equation. 2-1. 

𝑁ℎ𝑒𝑡 = 𝑓𝐶exp(−
∆𝐺𝑁𝑃

∗

𝑘𝑇
)                                           (2-1) 

where 𝑓 denotes the rate that each nucleus can be made supercritical, 𝐶 is the number of atoms in 

contact with heterogeneous nucleation sites per unit volume, ∆𝐺ℎ𝑜𝑚
∗  is the activation energy 

barrier against homogeneous nucleation, 𝑘is Boltzmann’s constant, 𝑇is absolute temperature, 

∆𝐺𝑁𝑃
∗  is work of formation of the nucleus on the nanoparticle, and it is shown in Equation 2-216. 

∆𝐺𝑁𝑃
∗ =

1

3
𝜋𝜎12

∞𝑅0
2 (1 −

6𝛿

𝑅0
) (1 − 𝑐𝑜𝑠𝜃)2(2 + 𝑐𝑜𝑠𝜃) + 𝐸                         (2-2) 

Here, 𝑅0 is related to a critical value of nucleus radius(𝑅𝑐𝑎𝑛𝑑𝑅𝑐 = 𝑅0(1 − 𝛿/𝑅0)), 𝜎12
∞ is the 

free energy of a flat surface, 𝛿 is the Tolman parameter and equal in the order of magnitude to the 

diameter of melt atom17, 𝜃  is the wetting angle between nanoparticle and the melt, E is the 

activation of diffusion. Comparing to the homogeneous critical formation energy of 

nucleus,∆𝐺𝑁𝑃
∗ = 4𝜋𝜎12

∞𝑅𝑐
2 + 𝐸, The activation energy of nucleation is greatly reduced  Therefore, 

nanoparticles will promote nucleation of the metals. 

 During solidification, the solid front is covered by nanoparticles and the gain growth 

velocity will be reduced as indicated by Equation2-315. 

𝑑𝑅

𝑑𝑡
= 𝜆𝐶(1 − 𝑝𝛩)                                                           (2-3) 

Here, R is the grain size, t is time, 𝜆𝐶 is variable indicate the growth velocity when no nanoparticles 

are added, p is a diffusion-hindrance efficiency, 𝛩 is the coverage of nanoparticles on dendrite 

surface, and it is a function of particle volume fraction and time. It is obvious that the growth 

velocity largely depends on the diffusion-hindrance efficiency p. Its value is measured as 0.933 in 
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an Al-Si alloy with 2 vol.% of TiCN nanoparticles at low cooling rates15, which indicates a strong 

inhibition of the grain growth.  

By promotion of nucleation and growth restriction, nanoparticles serve as promising grain 

refinement agents. On the other hand, alloys containing nanoparticles could retain the grain size at 

higher temperatures, such as heat treatment, because of Zinner pining effect18. The maximum mean 

grain size can be theoretically estimated by Equation 2-4, 

𝑅𝑚𝑎𝑥 =
4𝑟

3𝑓𝑣
                                                                      (2-4) 

where r is the nanoparticle radius and fv is the volume fraction of the nanoparticles. 

2.1.3 Nanoparticle-enabled second phase modification 

The incorporation of nanoparticles can also modify the secondary phases in alloys. 

Nanoparticles could modify the eutectic structure because nanoparticles can induce nucleation of 

the eutectic structure. This phenomenon in hypo-eutectic Al-Si alloy was investigated by Wang et 

al. 19. TiC0.5N0.5 ceramic nanoparticles are good heterogeneous nucleation sites for Si because of 

lattice matching between Si and this nanoparticle. As shown in Figure 2-13, the cellular 

substructure of the eutectic grains was reduced from 28 μm to 8.5 μm when 1.5 vol.% of the 

nanoparticles were added. The interspacing between Si particles was also reduced. 
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Figure 2-3 SEM picture of eutectic phase in (a-b) Al- Si matrix alloy; (c-d) modified with 1.5vol% nanoparticles 

 

Nanoparticles may self-assemble onto the secondary phase surfaces to significantly refine 

the structure of the secondary phases. One example is the Zn-Bi immiscible alloy could be 

modified by tungsten (W) nanoparticles, as shown in Figure 2-420. Bi would subside at the bottom 

of the ingot because of its higher density, but it turned to be spherical droplets with the help of W 

nanoparticles.  
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Figure 2-4 SEM images and size distribution of the Bi phase in Zn-Bi alloys: (a) Pure Zn-8Bi; (b-c) Zn-8Bi-2 vol.% W 

nanocomposites; (d) Histogram of Bi phase size distribution in Zn-8Bi-2 vol.% W nanocomposites20 

 

2.1.4 Nanoparticle influence on precipitates 

 Nanoparticles can influence the precipitation behavior of an alloy system. When the 

nanoparticles are incorporated into the matrix, it usually will not alter the precipitation sequence21. 

However, the influence could vary in different systems.  

Saboori et al. studied the Elektron21 (Mg-RE-Zr-Zn) alloy reinforced by AlN nanoparticles22. 

It was discovered that AlN nanoparticles might stabilize the precipitates during solution treatment, 

as shown in Figure 2-5. This is due to the reaction between the AlN nanoparticle and Nd in the 

matrix to form Al2Nd. It also hurts aging so that the hardness of the nanoparticle incorporated alloy 

did not increase as much as a pure alloy. The aging is markedly faster than unreinforced alloy as 

well. The reason is that the coefficient of thermal expansion of the ceramic nanoparticles and the 

host alloy is largely different that after quenching, a mismatch between nanoparticles and matrix 
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would induce a high density of dislocations around the nanoparticles. These dislocations increase 

the heterogeneous nucleation rate of precipitates and increase the diffusion coefficient of solute 

atoms along the dislocations.  

 

Figure 2-5 The area fraction of precipitates in El21 and El21–1.0 wt.%AlN after casting and solution treatment at different 

temperatures22 

 

 The influence is quite different in Al-Cu system reinforced by TiC nanoparticles23. Adding 

nanoparticles results in finer θʹ precipitates so that both the tensile strength and ductility increased, 

as shown in Figure 2-6. The authors discovered that the addition of the nano-sized TiC particles 

would increase the density of dislocations in the composites. Then, more θʹ precipitates were 

obtained in the composites. Furthermore, as the α-Al grains in the composites are finer than those 

in the pure Al–Cu alloy, the diffusion distance of the Cu atoms becomes shorter during the solution 

process. Therefore, the finer and more uniformly distributed θʹ precipitates were formed in the α-

Al grains during the aging process. 
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Figure 2-6 Engineering stress-strain curve for Al-Cu alloy with or without TiC nanoparticles23 

 

 In the Al-Zn-Mg-Cu system, the overall performance of TiN nanoparticle reinforced alloy 

also exceeds the one without nanoparticles8. Compared with the alloy with only Ti or without any 

refiner, the TiN nanoparticle addition improves the solution of the alloying elements, retains the 

fine grains of the Al-Zn-Mg-Cu alloy during the solid solution process, and enhances the Vickers 

hardness of the solution treated alloy. During the aging process, the TiN nanoparticles accelerate 

the evolution of the GP zones from the supersaturated solid solution but inhibit the precipitations 

of the η’ phase and η phase. The DSC results show that the stability of GP zones was increased by 

TiN nanoparticles, which inhibits the further evolution of GP zones to the η’ phase. Furthermore, 

the PFZ is narrowed by adding TiN nanoparticles, as shown in Figure 2-7. The PFZ zone was 

reduced from 70nm to 30nm because more GP zones were formed near the grain boundary when 

TiN existed. 



13 

` 

 

Figure 2-7 HRTEM pictures of PFZ zones in Al-Zn-Mg-Cu alloy (top)without or (bottom)with TiN nanoparticles8 

 

2.1.5 Nanoparticles modified solidification behavior 

Nano-treated alloys show a modified solidification behavior. Cao et al. discovered the 

nanoparticles could effectively control nucleation and grain growth due to a continuous nucleation 

mechanism shown in Figure 2-824. Ultra-fine grained/nanocrystalline Cu-WC, Al-TiB2, and Zn-

WC nanocomposites were cast at a slow cooling rate. They suggest that the conventional growth 

restriction factor Q in Equation 2-525 can be increased to infinite and refine grains down to the 

interparticle spacing limit under slow cooling.  

𝑑 = 𝑎 +
𝑏

𝑄
                                                                        (2-5) 

Here d is the grain size; a is a constant indicating the interparticle spacing, and b is a constant 

related to nucleation. The restriction factor was improved due to continuous heterogeneous 
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nucleation and growth restriction in the nano-treated metal. The nucleation event was stopped in 

pure metal by increased temperature due to latent heat released during solidification.  

 

Figure 2-8. Schematic illustrations of phase evolution during solidification of pure metal and metal with nanoparticles 
24

 

 

2.1.6 Strengthening effect of nanoparticles 

The strengthening effect by nanoparticles in the matrix is similar to precipitates and 

inclusions in the matrix, but ceramic nanoparticles have higher hardness and stiffness. Meanwhile, 

nano-treating induced grain refinements also strengthen the alloy. The strengthening effects are 

summarized below. 

(1) Orowan strengthening 

 Orowan strengthening is effective for nano-treated alloys. This is because hard non-

shearable ceramic nanoparticles would impede the movement of the dislocations in the grain, and 

during plastic deformation, the dislocations will be bowed around the particles called Orowan 

loops26. The Orowan strengthening can be determined by the Orowan-Ashby equation: 
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∆𝜎𝑂𝑟𝑜𝑤𝑎𝑛 =
0.13𝐺𝑚𝑏

𝑑𝑝[(
1

2𝑉𝑝
)

1
3
−1]

𝑙𝑛
𝑑𝑝

2𝑏
                                                     (2-6) 

where 𝐺𝑚, b, 𝑉𝑝 and 𝑑𝑝 are the shear modulus of the matrix, the Burger vector, the volume fraction, 

and the diameter of the nanoparticles, respectively. However, this strengthening effect highly 

depends on the distribution of the nanoparticles. For nanoparticles distribute uniformly inside 

grains, the Orowan strengthening is significant with only a small volume fraction of nanoparticles, 

but the strengthening would be weaker if nanoparticles locate at grain boundaries. 

(2) Hall-Petch strengthening 

 Because nanoparticles significantly reduce grain size, strengthening from grain boundaries 

is significant. Because of an orientation difference in two grains, dislocation movement from one 

grain to another can be impeded by grain boundaries. Therefore, grain boundaries are practical 

strengthening elements. The Hall-Petch equation is used to describe the extra stress induced by 

grain refinement26. 

∆𝜎𝐻−𝑃 = 𝑘𝑦(𝑑𝑚
−
1

2 − 𝑑𝑐
−
1

2)                                                      (2-6) 

Here,∆𝜎𝐻−𝑃 is the extra strength, 𝑘𝑦 is the strengthening coefficient, 𝑑𝑚 is average grain size in 

the monolithic sample, 𝑑𝑐 is average grain size in the nanocomposite sample.  

(3) Load bearing strengthening 

 When hard reinforcements are added into the matrix, the load-bearing transfer from the 

soft matrix to stiff and hard reinforcements under external force will strengthen the base material27. 

The strengthening from particulate reinforcements can be expressed as the following equation 
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∆𝜎𝐿𝑜𝑎𝑑 = 1.5𝑉𝑝𝜎𝑖                                                 (2-7) 

Here ∆𝜎𝐿𝑜𝑎𝑑 is the increased yield strength, 𝑉𝑝 is the volume fraction of particulate reinforcements, 

𝜎𝑖  is the interfacial strength of the matrix material. The load-transfer effect depends on the 

interfacial bonding strength. Therefore, a stronger interface bonding will be more effective in 

transferring load from the matrix to hard reinforcements. 

(4) CTE mismatch 

The mismatch in coefficient of thermal expansion (CTE) between the reinforcements and 

the metal matrix will result in geometrically necessary dislocations (GNDs)28. The extra 

dislocations density due to CTE mismatch will strengthen the metal by 

∆𝜎𝐶𝑇𝐸 = √3𝛽𝐺𝑏√
12∆𝛼∆𝑇𝑉𝑝

𝒃𝑑𝑝
                                                    (2-8) 

where ∆𝜎𝐶𝑇𝐸 is the extra strength, G is the shear modulus,  β is a constant, ∆𝛼 is the CTE difference 

between hard particles and matrix, ∆𝑇 is the temperature difference between test and processing. 

However, the number of dislocations generated by nanoparticles is less than macroparticles, 

making the CTE mismatch strengthening less significant. 

2.1.7 Other effects.  

Nanoparticles induced solute segregation 

Solute segregation at the particle/matrix interface was observed. When the solute atom has 

high binding energy with the ceramic particle or reacts with the ceramic particle, the solute atoms 

tend to segregate at the particle/matrix interface. For example, Mg segregates at the Al/B4C 

interfaces as presented in Figure 2-929.  
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Figure 2-9 (a) High-angle annular dark-field STEM image showing a B4C particle; EDXS maps illustrate the distribution of (b) 

Mg, (c) Al, within the composite
29

 

 

Nanoparticle influence on phase transformation 

Usually, nanoparticles do not change the thermodynamics of the alloy system. For example, 

the precipitation sequence of an Al-Zn-Mg-Cu alloy will not be altered by nanoparticles30. 

However, there are certain cases nanoparticles can change the phase transformation behavior. One 

specific example is presented in Figure 2-1031. Grain boundaries perovskite materials will induce 

phase transformation because grain boundaries are at a high-energy state. Nanoparticles at grain 

boundaries can inhibit heterogeneous nucleation of Ba0.5Sr0.5Co0.8Fe0.2O3−δ. in a fuel cell cathode 

by blocking the metal ion diffusion along grain boundaries. 
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Figure 2-10. Schematic of the nanoparticles’ inhibition of phase transformation at grain boundaries. (Route a) Metal ions diffuse 

easily along the grain boundary and form a nucleus, and then the nucleus grows to the trigonal phase at the grain boundary after 

long-term operation at low temperature. (Route b) Nanoparticles located at the grain boundary, leading to a zigzag structure; 

the nanoparticles block the diffusion of metal ions along the grain boundary and inhibit the nucleation and growth of the trigonal 

phase at the grain boundary even after long-term operation at low temperature31 
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2.2 Incorporation of nanoparticles into molten metals 

Nanoparticles can be added to the metal by ex-situ methods or in situ exothermal reactions. 

Conventionally, it is believed that after incorporation, due to the large surface-to-volume ratio, 

nanoparticles tend to agglomerate to reduce the overall surface energy in the metal. Their surface 

dominant characteristics make them more reactive inside the matrix. Fortunately, in 2015, the self-

stabilization mechanism was discovered by Chen et al. and the foundation for nanocomposites 

application was then built32. Inert ceramic nanoparticles are usually chosen to prevent chemical 

reaction with metal matrix. 

2.2.1 Ex-situ incorporation 

 Typically powder metallurgy, deformation processing, vapor phase processing, and 

solidification processing are used to process nanoparticle enforced metal/alloy.  Among these 

processing methods, the least expensive production method is solidification processing. There are 

various avenues by which researchers have created nanostructures and nanocomposites materials 

using solidification. The solidification methods can be divided into three categories: rapid 

solidification, mixing of nano-size reinforcements in the liquid followed by solidification, and 

infiltration of liquid into a preform of reinforcement followed by solidification. A typical salt-

assisted incorporation schematic illustration is shown in Figure 2-1133. In this experiment, Mg is 

melt first and then the mixture of magnesium chloride flux and TiC nanoparticles was laid on the 

top of the molten metal. The flux could help to dissolve the oxide layer at the nanoparticle surface 

and facilitate the incorporation of nanoparticles. 
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Figure 2-11. Salt assist incorporation of TiC nanoparticles into Mg
33

 

 

2.2.2 In-situ incorporation 

In situ incorporation is to synthesize and incorporate nanoparticles in molten metals 

simultaneously. The in situ method is relatively inexpensive as nanoparticles are expansive 

reinforcement material. On the other hand, the conventional ex-situ method normally needs to 

overcome poor wettability between the reinforcements and the matrix due to surface contamination 

of the reinforcements. The in situ nanoparticles exhibit the following advantages: (a) the in situ 

nanoparticles are thermodynamically more stable at the matrix; (b) the interfaces between 

nanoparticles and matrix are clean, resulting in a strong interfacial bonding; (c) the in situ formed 

nanoparticles can be finer in size and their distribution in the matrix more uniform, yielding better 

mechanical properties34. The commonly used reaction process can be classified into four categories. 

(a) solid-liquid reaction; (b) vapor-liquid-solid reaction; (c) solid-solid reaction, and (d) liquid-

liquid reaction. Direct reaction synthesis (DRS)35–44,44–48, flux assisted synthesis (FAS)21,49–69, self-

propagating high-temperature synthesis (SHS)70–72, exothermic dispersion (XD)73,74, reactive hot 
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pressing (RHP)74,75, reactive spontaneous infiltration (RSI)76, mechanical alloying (MA)77–80, 

vapor-liquid-solid reaction processing (VLS)81–84, selective laser melting (SLM)85, hot isostatic 

pressing (HIP)86, laser-induced reaction (LIR)87, spark plasma sintering (SPS)88, laser cladding 

(LC)89, and plasma transferred arc (PTA)90,91, etc. have been applied for in-situ fabrication. Here 

we will focus on flux-assisted synthesis (FAS) as it is one of the popular liquid-liquid reactions.  

 The flux-assisted synthesis is first developed by the London Scandinavian Metallurgical 

Company to produce aluminum matrix composites, as shown in Figure 2-1834. The mixture of salts 

provides the source of titanium and boron for the synthesis of TiB2. Aluminum could reduce the 

Ti and B from the salt, and the following exothermal reaction would take place.  

3K2TiF6 + 13Al = 3TiAl3 + 3KAlF4 + K3AlF6                                 (2-9) 

2KBF4+3Al = AlB2 +2KAlF4                                           (2-10) 

AlB2 + TiAl3 = TiB2 +4Al                                                 (2-11) 

 

Figure 2-12 Schematic diagram of an apparatus for fabricating in situ metal matrix composites by means of FAS
34
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A disadvantage of this method is the poor control of the particle size distribution. Most in situ 

methods would only be able to produce microparticles57. When the particles are synthesized in 

low-temperature systems, templates or surfactants could be used to control the growth of the 

particle. However, in high-temperature systems, nanoparticle growth control becomes difficult. It 

is also challenging to produce a high loading ratio (e.g.,>5vol%) using the mixed salt system due 

to high viscosity. Tang et al. synthesized in situ nano-sized TiB2 in Al by an improved method. 

The fabricated nanocomposite is shown in Figure 2-1351. The size control is done by slowly adding 

the salt mixture on top of the Al melt so that the growth rate of the nanoparticles is controlled by 

the concentration of Ti and B in the salt. However, from the SEM and TEM pictures, there are still 

lots of particles larger than 100nm, and a high loading ratio is not achieved.  

 

Figure 2-13 (a) SEM secondary-electron and (b) TEM bright-field images of the as-cast Al–TiB2 composite (c) [211] ZAP from a 

nanosized particle corresponding to the TiB2 phase and (d) TEM bright-field image of the free-standing TiB2 particles 
51
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2.2.3 Size control of in-situ synthesized nanoparticles 

 With a constant volume fraction, smaller particles will result in smaller interparticle 

spacing to achieve higher strength, better ductility, and improved fatigue resistance92,93. The size 

of the ex-situ nanoparticles depends on the original size of the nanoparticles before being added to 

the metal matrix. However, during in situ synthesis, as nanoparticles nucleate and grow in the melt, 

it is difficult to control the particle size and size distribution in the molten metal since these 

reactions usually take place at temperatures above the melting point of the base metal, and there is 

a lack of effective measures, such as templates94,95. Therefore, in-situ particles grow rapidly after 

nucleation if there are sufficient reactants, forming relatively large particles. Ostwald ripening also 

induces a continuous growth of particles after the reaction to minimize the overall surface energy96. 

Therefore, particles synthesized in molten metal are rarely nano-sized.  

 Theoretically, the size of the particles can be controlled by either restricting growth speed 

or growth time. There are some methods to fabricate nano-sized particles in molten metal. Rapid 

solidification processing (RSP) provides one costly solution to reduce growth time by rapidly 

solidifying the reaction liquid. For example, TiB2 nanoparticles of 40-80 nm were obtained by 

RSP97. Figure 2-14 shows that Cu-B and Cu-Ti melts were injected into a faster-cooled copper 

mold to fabricated nano TiB2 nanoparticles. In addition, flux-assisted synthesis (FAS) has the 

capability of producing nano-sized TiB2. Very fine TiB2 nanoparticles were synthesized by the 

exothermic reaction between molten aluminum, KBF4, and K2TiF6
18,51,58. The fluoride salts will 

be reduced by aluminum and releasing boron and titanium into the aluminum melt. TiB2 particles 

will nucleate and grow in the molten aluminum. Ju et al. have achieved an average size below 

100nm18. However, there is still a significant amount of micro/submicron-particles synthesized 
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together with nano-sized particles due to a lack of growth control. Ultrasonication could further 

reduce the average size by increasing nucleation through acoustic cavitation98, but, as stated before, 

the ultrasonic-assisted reaction is limited to a lab scale. Growth control of particles at high 

temperatures is still difficult. 

 

Figure 2-14. a) Schematic diagram of in situ reaction for double-beam melts. B) SEM of in-situ TiB2 particles in copper 

fabricated by double-beam melts97 

 

2.2.4 Dispersion of nanoparticles in molten metal 

The nanoparticles in the metal matrix tend to form clusters due to their high surface energy. 

A thermally-activated nanoparticle self-dispersion and stabilization mechanism in molten metals 

was published in Nature32. In molten metal, three types of energies influence the dispersion of the 

nanoparticles. They are interfacial energy (short-range), van der Waals potential (long-range), 

Brownian motion energy (thermal energy). The interfacial energy creates an energy barrier 

between nanoparticles and stops nanoparticles from sintering. The van der waals force between 

the same substance is attractive and brings nanoparticles close to each other. The thermal energy 

helps nanoparticles escape the van der waals attraction. 



25 

` 

As shown in Figure 2-15, The Van der Waals attractions between two nanoparticles can be 

calculated by Equation (2-12) 

𝑊𝑣𝑑𝑤 = −
(√𝐴𝑁𝑃−√𝐴𝑙𝑖𝑞𝑢𝑖𝑑)

2

6

𝑅

𝐷
                                               (2-12) 

where D is the distance between nanoparticles, A is the Hamaker constant, R is the nanoparticle 

radius. The equation is only effective when D is larger than two atomic layers of molten metal. As 

shown in Equation (2-12), 𝑊𝑣𝑑𝑤 decreases when the difference between the Hamaker constants of 

the nanoparticle and the molten metal. Smaller particle size also reduces the attraction.  

The thermal energy for Brownian motion is shown in Equation (2-13) 

𝐸𝑏 = 𝑘𝑇                                                             (2-13), 

where k is the Boltzmann constant, T is the absolute temperature. The thermal energy is 

proportional to temperature. Therefore high temperatures help nanoparticles escape the energy 

valley in Figure 2-15. 

When two nanoparticles get closer to each other, the liquid metal atoms will be pushed out 

between them. This effect produces an energy barrier, and this energy can be written in the 

following equation: 

𝑊𝑏𝑎𝑟𝑟𝑖𝑒𝑟 = 𝑆(𝜎𝑁𝑃 − 𝜎𝑁𝑃−𝑙𝑖𝑞𝑢𝑖𝑑) = 𝑆𝜎𝑙𝑖𝑞𝑢𝑖𝑑 cos 𝜃                         (2-14) 

where S is the effective area, 𝜎𝑁𝑃  is the surface energy of the nanoparticles, 𝜎𝑁𝑃−𝑙𝑖𝑞𝑢𝑖𝑑  is the 

interfacial energy between the nanoparticle and molten metal, θ is the contact angle molten metal 

on the nanoparticle surface. Because the energy barrier prevents nanoparticles from sintering, a 
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higher energy barrier is preferred. From this equation, a higher energy barrier could be obtained 

by a smaller wetting angle. 

These energies are the theoretical foundation for nanoparticles self dispersion in molten 

metal.  

 

Figure 2-15. The principle of self-dispersion and stabilization of nanoparticles in molten metals 
32

 

 

2.3 Al-Zn-Mg-Cu alloys 

2.3.1 Basics on Al-Zn-Mg-Cu alloy 

Aluminum is one of the most abundant elements on earth, and its alloys have a history of 

more than 170 years. It is also one of the most widely used non-ferrous alloy. According to Statista, 

global aluminum consumption is projected to 64.2 million metric tons in 202199. It is a basic 

structural material for aerospace and automobile applications. For example, the aluminum alloy 

takes up more than half of the total materials in Boeing 777 and 20% in the most advanced Boeing 

787 airplanes shown in Figure 2-16100. The alloy and temper systems for aluminum are named and 

documented in Aluminum Standards and Data and ANSI H35.12. Among different aluminum 
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alloys, the 7xxx series (Al-Zn-Mg-Cu alloy) exhibit the highest mechanical strength. The 7xxx 

series alloys are heat treatable alloy containing zinc as the main alloy element, magnesium, and 

copper. By quenching after solutionizing at elevated temperature, zinc, magnesium, and copper 

can be in supersaturated solid solutions. Uniformly distributed, nano-sized MgZn2 precipitates will 

form to strengthen the alloy during aging. These lightweight, strong alloys are relatively 

inexpensive. Comparing to other structure materials, these alloys are among the most easily 

fabricated with supreme performance. They are intensively used in conventional aerospace 

applications. For instance, 7050 alloys are used for internal fuselage structures, while 7150, 7055, 

and 7055 alloys are used for upper wing covers101. The typical microstructure of 7xxx series alloy 

is shown in Figure 2-17 with refined grain structures by Ti102. The black phase is the eutectic phase 

of MgZn2 and Al.  

 

Figure 2-16 Materials used in Boeing 787 body100 
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Figure 2-17 Optical image of 7050 alloys. a)no grain refinement, b)refined by Ti 
102

 

 

2.3.2 Solution/Aging mechanism 

As shown in Figure 2-18, the precipitation sequence of typical Al-Zn-Mg-Cu alloys is well 

studied in the past decades. The cast ingot is first solutionized at a temperature around 460-470oC. 

It is directly followed by water quenching to form a supersaturated solid solution (SSSS). During 

or immediately after quenching, clusters of vacancies will form to facilitate Guinier-Preston (GP) 

zones formation during aging. In detail, GP zones form at the early stage of precipitation. As the 

aging time goes longer, GP zones grow into the η’ phase which is the precursor for the η phase 

(MgZn2). The typical temperature vs. time diagram is shown in Figure 2-19. 

 

Figure 2-18 schematic sequence of the precipitation in 7xxx series alloy103 
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Figure 2-19 Typical precipitation hardening process 

The 7xxx series alloys are among those most heavily alloyed. Four major secondary phases 

possibly exist during solidification, namely η(MgZn2), T(Al2Mg3Zn3), S(Al2CuMg), and θ(Al2Cu) 

phases104. A typical SEM picture of the as-cast 7xxx alloy is shown in Figure 2-20. The white 

phase in A is η(MgZn2), whereas the darker one in B is some Fe-rich impurity phase. The light 

grey in C shows θ(Al2Cu) and the darker phases of E and F demonstrate S(Al2CuMg) phase.  
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Figure 2-20 SEM picture of as-cast 7xxx alloy105 

The temperature used for solutionizing is usually around 470oC but no higher than the 

melting temperature for these constituent phases (475-500oC106,107). When the alloy is overheated, 

voids will be left at the location where these secondary phases locate. They will become crack 

nucleation and propagation sites, thus deteriorating the mechanical performance108. However, 

except for the η phase, T, S, and other impurity phases dissolve slowly at conventional solution 

temperatures. Undissolved particles will reduce the performance of the alloy due to fewer fine 

precipitates and increase crack initiation and propagation109. Xu et al. 108,110 tried step solution 

treatment to dissolve these different phases one by one to avoid overheating. Less fraction of 

particles was left, as shown in Figure 2-21. 
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Figure 2-21 Dissolution process of secondary particles in AA7175 alloy 

After solution treatment and quenching to obtain the SSSS, aging is utilized to produce 

fine and uniformly distributed precipitates. When SSSS forms, there will be supersaturated 

vacancies inside the matrix. These vacancies also agglomerate and form clusters with other 

alloying elements. When the temperature is raised for aging, these clusters develop into some GPI 

and GPII zones. The GPI zones are coherent with matrices, and the GPII zone are zinc-rich layers 

on {111} planes. Both GP zones are precursors of η’ phase18, as shown in Figure 2-22e. Different 

aging parameters will lead to different microstructures and sizes of the precipitates. Therefore, 

aging conditions generate alloys with different performances112. Generally, higher temperatures 

will have faster evolution for the precipitates. When aged at 95oC, the Zn vacancy cluster could be 

retained for quite a long time. However, these vacancy clusters diminish within 30min113. GPI and 

GPII zones will be observed after aging at 100 oC for 1.5-2 hours and, after 7 hours, the η’ phase 

will form. If the alloy remains at 150 oC for 6 hours, η nucleates on η’ phase114. Grain boundary 

could serve as a sink of vacancies. Therefore, precipitate free zones (PFZ) will form near the grain 

boundaries. As shown in Figure 2-22a, a typical PFZ with around 70nm width exists. A higher 
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concentration of solutes at grain boundary would produce larger precipitates8. Along grain 

boundaries, large η can be seen in Figure 2-22b. 

 

Figure 2-22. TEM images of the structure of (a)PFZ zones, (b) η phase on grain boundary; (c-d) The θ phases and its EDS analysis; 

(e-f) The HRTEM images of the η’ phase 18 

The properties of the alloys are directly related to their microstructures, which could be 

tuned by different solutions and aging treatments. In Figure 2-23, the hardness of a high zinc 7xxx 

series alloy changes with aging time at 120 oC. The hardness increases dramatically at the initial 

4h due to the strengthening from GP zones formation. Later on, the hardness dropped a little and 

increased again until 20h due to η’ precipitate formation and growth. The hardness decreased again 
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as the precipitates further grew larger115. Different types of aging treatments are invented for the 

7xxx series to control the size and distribution of precipitates. For example, T6 heat treatment is 

single stage aging that results in higher strength but less corrosion resistance as it produces smaller 

precipitates. T7X is two-stage aging used for higher fracture toughness and stress corrosion 

resistance112.  

 

Figure 2-23 Relationship between hardness and aging time of 4 solution-treated high zinc 7xxx alloy 
115

 

 

2.3.3 High-zinc Al-Zn-Mg-Cu alloy 

In the 7xxx series alloy, Zn and Mg are the main strengthening elements. High-zinc 

aluminum alloy usually exhibits high strength and high hardness together with higher sensitivity 

to different types of corrosion (SCC, intergranular corrosion, and exfoliating corrosion) due to 

residual T phase upon solutionizing. Meanwhile, the elongation and fracture toughness also 

decrease116. The (Zn + Cu) to Mg ratio is believed to strongly affect the residual Mg because the 

Cu and Al could dissolve in the precipitates to form Mg(Zn, Al, Cu)2
117. When the (Zn + Cu) to 
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Mg ratio is greater than 2, there will be remaining Mg in the alloy and vice versa. The final 

properties would be affected by the composition variation, and the heat treatment applied.  

In 7055 alloy, the zinc content already exceeds 8 wt.%, and in 7A60 alloy, Zn content 

approaches 9 wt.%. Other high zinc alloys are 7150, 7050, 7085, 7449, 7136, 7056, etc. The yield 

strength could increase 100MPa when the Zn content increased from 5.59wt% to 7.84wt%. 

However, the ductility drops as the Zn content increases since the volume fraction of the coarse 

eutectic phase increases as well.  

The thermodynamic calculation of high zinc alloy was performed by the Calculation of 

Phase Diagram (CALPHAD) method by Liu et al. Different contents of Zn, Mg, and Cu determine 

the formation of η, T, S phase. The polythermal section is shown in Figure 2-24118. The phase 

diagram represents three different Zn contents in three different colors. The blue one has 8.8% Zn. 

The black one contains 9.2% Zn, and the red dot line represents 9.6% of Zn. The important regions 

are 5(α(Al) + η(MgZn2) + θ(Al2Cu)), 11(α(Al) + η(MgZn2) + θ(Al2Cu) + S(Al2CuMg)) and 

13(α(Al) + η(MgZn2) + S(Al2CuMg)). θ phase forms in region 5 and S phase precipitates in region 

13 while both exist in region 11. The mass fraction of the main strengthening phase η can be 

obtained in the phase diagram. For example, in the alloy of Al-xZn-1.7Mg-2.3Cu, the mass fraction 

of η phase increases from 8.8% to 9.6% as Zn content increases from 9.2% to 10.0%.  



35 

` 

 

Figure 2-24 Calculation polythermal section of Al−Zn−Mg−Cu phase diagram (blue dash line: 8.8% Zn, 0−6% Mg, 2.3% Cu; 

black line: 9.2% Zn, 0−6% Mg, 2.3% Cu; red dot line: 9.6% Zn, 0−6% Mg, 2.3% Cu) 
118

 

 

Several fundamental studies on the high zinc containing 7xxx alloy have been conducted 

in very recent years. The aging behavior of the high zinc alloys is one of the focuses. Liu et al. 

applied a heating aging treatment(HAT) in that the aging is performed with a continuously rising 

aging temperature119. They aged the alloy from 100oC to 180oC with different heating rates. The 

process follows the same precipitation sequence but provides higher tensile, yield, and 

conductivity than conventional T6 treatment. Wen et al. approved that the tensile strength 

decreases as the precipitation size distribution increases and the distance between neighbor 

precipitates increases when the aging deepens, as shown in Figure 2-25112. In the figure, T7 

tempers are two-step aging with second aging at 160oC. T79 has the shortest second step aging 
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time, while T73 has the longest. Later they also discovered that, with higher zinc content, the 

strength would decrease slower after peak aged, and the resistance to fatigue crack propagation is 

also higher as more large sharable precipitates( <5nm) are formed in the matrix120. After 

conventional heat treatment, the ultimate tensile strength of high zinc 7xxx alloy could reach 

700MPa121. The higher cooling rate during casting, such as spay-deposition, can further improve 

the strength to 800MPa115.  

 

Figure 2-25 average precipitation size and the average distance between precipitates of different tempers 
112

 

 

It is possible to achieve better performance of Al-Zn-Mg-Cu alloy by adding a higher 

alloying content. However, heavy alloying would reach a limit as it is impossible to have infinitely 

more uniform and small precipitates inside the alloy. Suitable solution treatment becomes more 

complex and takes more time. They are more sensitive to hot tearing as well. The casted 7xxx 

alloy is generally considered to be unweldable by arc welding. Either the elements (Zn, Mg, Cu) 

in the as-casted alloy will cause liquidation cracking and solidification cracking during welding, 

or the joint of heat-treated alloy loses a large fraction of strength after welding. One example is 

AA7034 alloy. It offers the highest tensile strength (~750MPa) among all commercially available 
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aluminum alloys. Its super high strength comes from its high alloy contents, about 11-12% zinc 

and 2.0-3.0% magnesium. However, its castability suffers as the high alloy content makes the alloy 

more susceptible to porosity, hot tearing, and inhomogeneity4. Moreover, a high alloy content 

results in severe segregation at grain boundaries with large secondary phases122,123, making 

solution treatment more difficult. A higher volume fraction of coarser secondary phase at grain 

boundaries would need extra time and higher temperature for dissolution during solution 

treatment118,124 and, in many cases, resulting in a deteriorated mechanical properties122,123. 

Therefore, the conventional casting of aluminum 7034 alloy is not desirable at a slow cooling rate. 

The commercial AA7034 alloy is produced by rapid solidification, such as spray casting in that a 

high cooling rate (102 - 106 K/s) is utilized to reduce cracks, porosity, and solute 

segregation115,125,126 

2.3.4 Current Al-Zn-Mg-Cu composites 

The nanoparticle-reinforced Al-Zn-Mg-Cu alloys attracted considerable attention as 

nanoparticles can potentially further improve their performance. Different types of nanoparticles 

have been added into the Al-Zn-Mg-Cu system, including TiB2 and TiN. As mentioned earlier, 

adding TiN nanoparticles into the Al-Zn-Mg-Cu system would increase the strength and ductility 

together. Chen et al. fabricated some in-situ TiB2 (5-10wt.%) reinforced AA7075 alloy, and its 

bending properties are improved due to dislocation strengthening, Orowan strengthening, and 

grain boundary strengthening56. Ma et al. studied the fatigue behavior of in situ TiB2/7050 

composite127. The in-situ TiB2/7050 composite exhibited a smaller grain size, higher elastic 

modulus, enhanced yield strength, better ultimate tensile strength, and superior fatigue limit over 

the unreinforced 7050 alloys. TiB2 particles impeded dislocations from piling up at the inclusions 

and delayed the crack initiation there. Thus fatigue property effectively improved in the composite. 
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Ju et al. investigated the friction stir processed Al-Zn-Mg-Cu with nano-sized TiB2
18. The 

distribution of nanoparticles could be improved by friction stirring, and fine grain size could be 

maintained after T6 heat treatment so that both the strength and ductility of the alloy were 

improved.  

The nanoparticles would cause a problem if not dispersed well. Wang et al. studied the 

stress corrosion cracking behavior of an extruded in-situ TiB2 reinforced 7050 alloy128. The 

clustered TiB2 nanoparticles formed bands along the grain boundaries after extrusion, and these 

bands sped up the propagation of cracks along the recrystallized grains (intergranular fracture), as 

shown in Figure 2-26. It facilitates the formation of recrystallized structures while dislocations are 

piled up near nanoparticles. Also, there is a significant potential difference between the particles 

bands and matrix. 

 

Figure 2-21. Schematic diagrams showing the influence of recrystallized grains on a crack path: (a) 7050 Al alloy, (b) TiB2/7050 

composite 
128
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2.4 Al-Cu-Mg alloys 

2.4.1 Basics on Al-Cu-Mg alloy 

Al-Cu-Mg alloys belong to 2000 series aluminum alloys, which are frequently used in the 

aerospace industry. The primary element in the 2000 series is copper. The earliest aerospace 

aluminum alloy was AA2017, which had a yield strength of 280 MPa. AA2024 was developed 

with better properties later. Some yield strengths and the year of introduction for aluminum alloys 

were shown in Figure 2-22129. The heat-treatable 2000 series typically contains 2-10 wt.% of 

copper. The highest strength is reached when 4-6 % of Cu is added along with other elements. Mg 

is often added to the Al-Cu system to provide extra strength by changing the aging 

characteristics101. The commercial AA2024 alloy has an ultimate tensile strength of 470 Mpa after 

T4 heat treatment, and SiCp/2024 aluminum alloy composites prepared by Angers et al. reached a 

UTS above 600 MPa130. 
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Figure 2-22. Yield strengths versus year of introduction of Al alloys
101

 

 

2.4.2 Solution/Aging mechanism 

 The aluminum corner of the Al-Cu-Mg phase diagram and the distribution of phases in the 

solid was shown in Figure 2-23131. When the Mg composition is low (Cu/Mg >8), the main 

strengthening phase is Al2Cu (θ phase). When Mg content is higher (4 < Cu/Mg < 8), The 

Al2CuMg phase (S phase) forms. At this time, both Al2Cu and Al2CuMg phases control the 

property. When the Mg content increases (1.5 < Cu/Mg < 4), the critical strengthening phase 

becomes Al2CuMg. The precipitation sequence of 2xxx alloys is considered to be: supersaturated 

solid solution (SSSS) → solute clusters →Guinier–Preston–Bagaryatsky (GPB) zones → S’ → S 

phase132 when the Cu/Mg is higher than 2. This sequence may vary when the composition changed. 
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Figure 2-23. Aluminum corner of the aluminum-copper-magnesium diagram. Phase distribution in the solid and solid solubilities 

at various temperat
131
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Chapter 3 Fabrication of Master Nanocomposite Alloy 

The cost of nanoparticle incorporation has been a long-standing problem for the industry 

application of metal matrix nanocomposites. The ex-situ incorporation utilizes expensive ceramic 

nanoparticles, while traditionally, the in-situ fabrication requires high-cost tools like rapid 

solidification and high-temperature ultrasonication. Therefore, a novel incorporation method of 

relatively inexpensive is necessary to enable nano-treating for industrial-scale applications. 

This chapter reports a novel molten salt-assisted fabrication method to successfully 

fabricate in-situ boride nanoparticles (e.g., TiB2, ZrB2) and in-situ carbide submicron/nano-

particles (TiC, WC). The size distribution of the synthesized particles was narrow, and the average 

size was smaller than other similar methods. The parameters that control the particle size were 

studied, and a new interface reaction model was proposed to explain the size controlling 

mechanism. Salt-assisted incorporation of ex-situ nanoparticles was also fabricated for comparison. 

3.1 Ex-situ incorporation of nanoparticles 

The flux-assisted ex-situ incorporation is a widely used method to add ceramic 

nanoparticles. When metal melts, there is an oxide layer on the surface of the molten metal, which 

prevents nanoparticles from entering the liquid metal. Fluoride flux (KAlF4, Na3AlF6, etc.), 

chloride flux (MgCl2, NaCl, KCl, etc.), and some oxide flux (borax) are used to facilitate the 

incorporation of nanoparticles by breaking or dissolving the oxide layer. Many nanoparticles, such 

as TiC nanoparticles, are also sensitive to oxygen in the air. Therefore, their surface will usually 

be oxidized. These nanoparticles were mixed with flux salt first and then added on top of the 

molten pool. The flux also dissolves the oxide layer on the surface of the nanoparticles. 

Nanoparticles will then be transferred into molten metal if the surface energy between 
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nanoparticles and metal is less than the surface energy between nanoparticles and salt. During this 

process, stirring and ultrasonication can be used to facilitate the incorporation.  

This section reports a molten salt-assisted method incorporating TiC nanoparticles into 

molten aluminum and WC into molten copper. Al-TiC and Cu-WC nanocomposites with various 

concentrations of nanoparticles were fabricated. The Microhardness of the nanocomposites was 

tested.  

3.1.1 Flux-assisted ex-situ incorporation of TiC into Al 

TiC nanoparticles (US Research Nanomaterials, 60-100nm) were first incorporated into 

molten Al through flux-assisted ex-situ method to fabricate Al-TiC nanocomposite. TiC has good 

wettability with molten aluminum. The illustration of the experiment is shown in Figure 3-1. In 

brief, the nanoparticles were first mixed with KAlF4 salt (5 vol.% of nanoparticles in salt) in a 

shaker (SK-O330-Pro) for 20 mins. Pure aluminum was melted at 820oC in a graphite crucible, 

and the mixture of salt was added to the top of the melt. A graphite blade was placed close to the 

salt melt interface for stirring at 60 RPM. The designed volume fraction of TiC in Al is 10 vol.% 
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Figure 3-1 Illustration of flux-assisted incorporation of nanoparticles 

 

The microstructure of the Al-TiC nanocomposite was examined by optical images and 

scanning electron microscopy (SEM, ZEISS Supra 40VP) equipped with energy-dispersive X-ray 

spectroscopy (EDS). The ground and polished samples for SEM were processed by low-angle ion 

milling at 4° and 4.5 kV for 40min (Model PIPS 691, Gatan). The volume fractions of TiC in the 

samples were calculated based on atomic percentages of Ti and Al elements from EDS mapping. 

The optical image, SEM picture, and EDS scanning of the ex-situ Al-TiC nanocomposite are 

shown in Figure 3-2. In Figure 3-2a, the brighter phase is the Al3Ti intermetallic phase, a 

decomposition product of TiC. The decomposition happens at a temperature below 780oC during 

cooling. The gray phases in the figure are TiC pseudo-clusters. In Figure 3-2b, the large particles 

are Al3Ti. As the solidification front pushes TiC nanoparticles during solidification, they are all at 

the grain boundaries. Figure 3-2c is the mapping of Ti elements, and EDS results showing the Ti 

weight percentage are in Figure 3-2d. However, EDS is not able to detect carbon. According to 

the weight ratio between Ti and Al, it is concluded that TiC takes up 4.4 vol.% in the composite. 
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Therefore, the final volume fraction of TiC is less than the designed 10 vol.%. Considering some 

of the Ti detected in the EDS as Al3Ti, the incorporation efficiency is not ideal.  

 

Figure 3-2 a). Optical image of the synthesized Al-TiC nanocomposite, b) SEM image of Al-TiC nanocomposite c) EDS mapping 

of Ti element in b), d) weight percentage of different elements 

 

3.1.2 Flux-assisted ex-situ incorporation of WC into Cu 

WC nanoparticles (US Research Nanomaterials, 80-200nm) were incorporated into molten 

Cu through a similar flux-assisted ex-situ method. The experiment set-up is the same as Figure 3-

1. Briefly, WC nanoparticles were mixed with KAlF4 salt (10 vol.% of nanoparticles in salt) in a 

shaker (SK-O330-Pro) for 20 min. Pure Cu was melted at 1250oC in a graphite crucible, and the 

mixture of salt was added on the top of the melt. Mechanical stirring at 60 RPM was applied. The 

incorporation took 10 min. After incorporation, the molten salt was removed by a steel spoon, and 

the fabricated composite was cast in a graphite mold. The designed volume fraction of WC 

nanoparticles in Cu is 5 vol.%. Similar characterization methods were applied to Cu-WC 
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nanocomposites. The optical image, SEM picture, and EDS scanning of the Cu-WC 

nanocomposite are shown in Figure 3-3. In Figure 3-3a, the gray phase is WC nanoparticle pseudo-

clusters, and these pseudo-clusters can also be seen in SEM pictures in Figure 3-3b. Unlike the 

TiC nanoparticles, WC nanoparticles were not pushed to the grain boundaries but formed island-

like clusters. EDS results show the W weight percentage in Figure 3-2d. According to the weight 

ratio between W and Cu, the final WC volume percentage is 4.2 vol.%. The resulted volume 

fraction is less than designed 5 vol.%. The Microhardness of the sample is 96.3 ± 52.9 HV.  

 

Figure 3-3 a). Optical image of the synthesized Cu-WC nanocomposite, b) SEM image of Cu-C nanocomposite c) EDS mapping 

of W element in b), d) weight percentage of different elements 

 

3.2 In-situ fabrication of borides 

This section presents a new flux-assisted method to fabricate boride nanoparticles. TiB2 

and ZrB2 nanoparticles were fabricated in molten aluminum. Since these reactions take place at 
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temperatures above the melting point of aluminum, no templates are available to control the 

particle size94,95. Therefore, TiB2 particles grow too large when there are sufficient reactants. 

Ostwald ripening also induces a continuous growth of particles after reaction to minimize the 

overall surface energy96. Therefore, particles synthesized in molten metal are usually not nano-

sized. However, there are some methods to refine the particle size. For example, rapid 

solidification can generate tiny and uniform TiB2 nanoparticles by reducing the reaction time97, 

but its high cost and low productivity limit its commercialization. Ultrasonic-assisted reaction133 

is another option to fabricate small and uniform nanoparticles, but it suffers similar drawbacks. 

Therefore, a new dilution method was applied to achieve a smaller size and narrow size distribution 

of nanoparticles. The method will be described below. 

3.2.1 Flux-assisted in-situ synthesis of TiB2 in Al 

The reactions used to fabricate TiB2 are described in Equations 2-8, 2-9, and 2-10. The 

starting materials include aluminum (>99.8%) (RotoMetals, USA) and powders of potassium 

aluminum fluoride (KAlF4) (AMG Aluminum North America, USA), potassium tetrafluoroborate 

(KBF4, >99.5%), and potassium hexafluorotitanate (K2TiF6, >97%) (Alfa Aesar, USA). The 

illustration for the synthesis setup is shown in Figure 3-4. First, an aluminum ingot (50 g) was 

melted in the air in a high-purity graphite crucible heated by an induction furnace at a designated 

temperature of 1023K. The surface oxide layer was then removed by a steel spoon, and a 

designated amount of KAlF4 cover salt was added on top of the molten metal for dilution. The 

amount of KAlF4 was determined by the concentration of K2TiF6 in salt (0.4 g/cm3). The reaction 

salts, KBF4 and K2TiF6, were mixed and added afterward. The quantity of K2TiF6 was calculated 

according to a designed volume percentage of TiB2 particles. It is set at 2.0 vol.% and 20.0 vol.% 

here. In this study, the molar ratio between KBF4 and K2TiF6 was fixed at 2.05 to produce TiB2. 
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The extra KBF4 was applied to compensate for KBF4 volatilized during the reaction due to its 

higher partial pressure. The reaction time was 10 min. After the reaction, the salt pool was removed, 

and the molten aluminum was cast in a steel rod mold. The reaction temperatures, K2TiF6 

concentration in the total salt pool, and reaction holding time varied for different samples 

according to design. 

 

Figure 3-4. Illustration of the synthesis setup 

 

The microstructure of the synthesized Al-TiB2 nanocomposites was examined by optical 

imaging and SEM equipped with EDS. The samples were ground, polished, and etched with 

Poulton’s reagent to reveal the grain structure. To reveal TiB2 particles under SEM, the samples 

were low-angle ion milled at 4° and 4.5 kV for 30 min after grinding and polishing. Type II 

secondary electron (SE2) imaging and Type I secondary electron immersion lens (in-lens) imaging 

were utilized in SEM. More than 200 nanoparticles were measured from the in-lens SEM 

micrographs to obtain an average size and size distribution. In-lens mode micrographs were chosen 

for measuring because they provided the best contrast between particles and the aluminum matrix. 
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In situ Al-TiB2 nanocomposites with approximately 2 vol.% of ceramic phase (thereafter 

Al-2TiB2) were fabricated. The optical and SEM micrographs of one sample are presented in 

Figure 3-5 to show the typical morphology of the new in situ Al-TiB2 nanocomposites. The average 

grain size of the Al-2TiB2 sample is 134 ± 27 μm, as shown in Figure 3-5a.  In Figure 3-5b, the 

islands are nanoparticle pseudo-clusters where nanoparticles are separated by only a few layers of 

metal atoms. Figure 2-5c is the EDS mapping of Ti in Figure 2-5. The calculated TiB2 volume 

percentage is 2.0 vol.% in this sample. Figure 3-5d is nanoparticle micrographs at higher 

magnifications. These small nanoparticles were still separated from each other due to the 

nanoparticles’ self-dispersion in molten metal32. The nanoparticles from this sample have an 

average size of approximately 30 nm and show a narrow size distribution, as shown in Figure 3-

5d. 

 

Figure 3-5. Morphology of in-situ Al-TiB2 nanocomposite. a) optical image of a synthesized Al-TiB2 nanocomposite with 2 vol.% 

TiB2; b) SEM pictures (SE2) of the nanocomposite, c) EDS mapping of Ti element in b). b) SEM pictures (in-lens) of the 

nanocomposite of higher magnification 
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In situ Al-TiB2 nanocomposites with approximately 2 vol.% (Al-2TiB2) and 20 vol.% (Al-

20TiB2) were both fabricated. The later reaction took 30 min. The SEM images were presented in 

Figure 3-6. For comparison, the Al-20TiB2 sample in Figure 3-6b is full of nanoparticles. Unlike 

Al-2TiB2 where nanoparticles form pseudo-clusters, Al-20TiB2 is covered by these pseudo-clusters, 

but they were still separated from each other and did not sinter together.  

 

Figure 3-6. SEM pictures (in-lens) of the Al-2TiB2, b) SEM pictures (in-lens) of the Al-20TiB2 

 

Transmission electron microscopy (TEM, T12 Quick CryoEM, CryoET) (FEI, 120kV) was 

used to verify the formation of nanoparticles. Cu Kα (λ=0.1542 nm) radiation was used for bulk 

nanocomposite XRD analysis. Nanoparticles were separated from the matrix for the TEM study. 

HCl (5%) solution was used to dissolve the aluminum matrix, and the aqueous suspension of the 

remaining nanoparticles was separated via centrifuge. These nanoparticles were then characterized 

by TEM and selected area electron diffraction (SAED). In-lens mode micrographs were chosen 

for measuring because they provided the best contrast between particles and the aluminum matrix. 

The XRD patterns of an Al-2TiB2 sample and an Al-20TiB2 are shown in Figure 3-7a. Because the 

TiB2 peak intensity in Al-2TiB2 is weak, an Al-20TiB2 XRD pattern is presented as well. Small 
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TiB2 peaks were detected in the Al-2TiB2 sample, while the Al-20TiB2 sample exhibited strong 

TiB2 peaks, confirming the formation of TiB2. In Figure 3-7b, the TEM picture of the extracted 

nanoparticles proves the small size of the nanoparticles in narrow size distribution. Furthermore, 

the SAED pattern of the nanoparticles was in accordance with the facets of TiB2, as shown in 

Figure 3-7c. Since a limited number of nanoparticles were selected for SAED, the diffraction 

circles consist of a limited number of dots. 

 

Figure 3-7. a) XRD pattern of Al-TiB2 nanocomposites of different volume percentages; b) TEM image of extracted TiB2 

nanoparticles; c) SAED pattern of the nanoparticles from b) 

 

In-lens mode micrographs were chosen for measuring because they provided the best 

contrast between particles and the aluminum matrix. The final size distribution of the 2 vol.% 
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sample is presented in Figure 3-8. The largest particles seen are about 50 nm, and the average size 

is 22.1 ± 8.2 nm.  

 

Figure 3-8. TiB2 nanoparticles size distribution 

 

3.2.3 Flux-assisted in-situ synthesis of ZrB2 in Al 

 The fabrication method for in-situ ZrB2 is quite like the method for TiB2. The reaction used 

for ZrB2 synthesis is shown in Equation 3-1, 3-2, and 3-3134. The experiments process is similar to 

the fabrication of TiB2 in Al. Briefly, the aluminum was melted at 750oC, and the dilution salt, 

KAlF4, was added on top of the aluminum melt. Then the mixture of K2ZrF6 and KBF4 was added. 

The sample was designed to contain 2 vol.% of ZrB2. The reaction took 10 min. After the reaction, 

salt was removed, and the fabricated sample (Al-2ZrB2) was cast in a graphite crucible.  

K2ZrF6 +
13

3
Al = Al3Zr +

4

3
AlF3 + 2KF                                         (3-1) 

2KBF4 + 3Al = AlB2 + 2AlF3 + 2KF                                          (3-2) 
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Al3Zr + AlB2 = ZrB2 + 4Al                                                 (3-3) 

The SEM images of the Al-2ZrB2 are shown in Figure 3-9. SE2 mode was applied because 

two different particles were observed, showing different contrast in the SE2 mode. In Figure 3-9a, 

ZrB2 nanoparticles formed bands, and larger white Al3Zr precipitates also exist. The experiment 

was not optimized, and extra KBF4 should be added to react with the remaining Al3Zr, or the 

reaction might take longer than 10 min so that the reaming the Al3Zr could be reacted. A larger 

magnified SEM image is shown in Figure 3-9b. Most particles are nano-sized, and these 

nanoparticles are separated from each other and do not sinter together. The size distribution of the 

nanoparticles was shown in Figure 3-10. The average size of the ZrB2 nanoparticles is 75.3 ± 31.5 

nm.  

 

Figure 3-9. a) SEM pictures of the Al-2ZrB2, b) SEM image of the selected region in the red rectangle 
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Figure 3-10. ZrB2 nanoparticles size distribution 

 

3.3 In-situ fabrication of carbides. 

Carbides were fabricated using a similar dilution method. Metal salts were used to provide 

metal ions. Activated carbon, charcoal, and sugar were used as carbon sources. Unlike boron salt, 

the solubility of carbon in salt is low. Therefore, higher temperatures are required to accelerate 

these reactions. Different carbon sources were also tried to promote the reaction.  

3.3.1 Flux assisted in-situ synthesis of TiC in Al 

For TiC nanoparticles fabrication, charcoal particles (> 1mm), activated carbon powder 

(50 µm), and sugar (>1mm) are selected as carbon sources. The buffer salt is KAlF4. The amount 

of carbon source used is 150% excess more than K2TiF6 because carbon can be oxidized during 

the reaction. Briefly, Al was melted as 900oC in a graphite crucible heated by an induction furnace, 

and buffer salt was added on top. The volume ratio between Al and buffer salt was fixed at 1:2. 

Next, one carbon source (charcoal, activated carbon, or sugar) and K2TiF6 were mixed with buffer 

salt at a ratio of 1 :1 and were added on top of the Al melt. The reaction took two hours, and 
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mechanical stirring (60 RPM) was applied. Because sugar is flammable, the salt mixture 

containing sugar should be added slowly. It is designed to fabricate 2 vol.% of TiC inside 

aluminum. After the reaction is done, the salt pool was removed, and the samples were cast in a 

graphite crucible.  The reactions are listed below. 

3K2TiF6 + 13Al = 3Al3Ti + 3KAlF4 + K3AlF6                                 (3-4) 

Al3Ti + C = TiC + 3Al                                              (3-5) 

 The samples were ground, polished, and ion milled for SEM images. The synthesized 

nanoparticles were also extracted from the aluminum matrix and prepared for TEM observation. 

XRD was applied to confirm the formation of TiC nanoparticles. Furthermore, the size of the 

nanoparticles was measured. All these procedures are similar to Al-TiB2 sample characterization 

therefore not discussed again. 

 The SEM images are shown in Figure 3-11. The sample fabricated using activated carbon 

is shown in Figure 3-11a, b. There is almost no Al3Ti and shows a much higher synthesis efficiency 

than ex-situ Al-TiC. All nanoparticles were pushed to the grain boundaries during solidification, 

indicating a good dispersion of TiC nanoparticles in the aluminum melt. At the grain boundaries, 

the nanoparticles were separated from each other, as shown in Figure 3-11b, and these 

nanoparticles have a small size distribution. The sample fabricated using charcoal is presented in 

Figure 3-11c, d. The reaction was incomplete in that not many TiC particles are seen in the sample 

while large Al3Ti intermetallic phases are observed. TiC particles form pseudo-clusters in this 

sample, and the size of the TiC particles is larger. The slower reaction was due to the slower 

dissolution of carbon from charcoal caused by a smaller surface-to-volume ratio. Figure 3-11e, f 

are the SEM images of the Al-TiC sample fabricated using sugar. Some carbon with irregular 



56 

` 

shapes was incorporated into the matrix, but not many Al3Ti is seen in the sample indicating the 

reaction was done completely. The nanoparticles shown in Figure 3-11f are denser than particles 

in Figure 3-11b.  

 

Figure 3-11. SEM pictures of the in-situ Al-TiC sample, a, b) fabricated using activated carbon, c, d) fabricated using charcoal, 

e, f) fabricated using sugar 

 

XRD confirms the formation of TiC in Figure 3-12. In all three samples, TiC peaks exist, 

but the peak of the charcoal sample is smaller, indicating fewer TiC particles are fabricated. 

Moreover, there are more prominent Al2O3 peaks in the charcoal sample that a small number of 
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oxides were trapped into the melt during stirring. Figure 3-12b is the TEM image of the TiC 

particles extracted from the activated carbon sample.  

 

Figure 3-12. a) XRD pattern of Al-TiC nanocomposites fabricated from different carbon sources; b) TEM image of extracted TiC 

nanoparticles 

 

The TiC nanoparticle size distribution is shown in Figure 3-13. The average sizes of the 

TiC nanoparticles fabricated are 61.0 ± 22.1 nm (activated carbon), 153.0 ± 89.0 nm (charcoal), 

and 35.7 ± 21.6 nm (sugar). First, the TiC nanoparticles are much smaller than the size of the 

carbon source (activated carbon ~ 50 µm, charcoal > l mm, and sugar >1 mm), indicating the 

dissolution of carbon and nucleation of TiC in the melt. It is also found that the average size of the 

sugar sample is the smallest while the size of the charcoal sample is the largest and the activated 

carbon sample in between. The possible reason is that the dissolution of carbon sources is different. 

Sugar dissolved the fastest because when it was added to molten metal, it decomposed to small 

carbon-containing molecules/ions and left a high surface area porous carbon135. Charcoal dissolved 

slowest because of its low surface-to-volume ratio. When carbon dissolved in the aluminum melt, 
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concentration was low, nucleation of TiC particles would happen. Faster dissolution caused a faster 

nucleation rate and a higher number of nanoparticles. If the carbon dissolution was slow, the 

slowing coming carbon will help the growth of the existing nanoparticles but not the nucleation of 

new nanoparticles. This might be why the sugar sample has the smallest particle size, but the 

charcoal sample has the largest nanoparticle. 

 

Figure 3-13 Size distribution of in-situ TiC nanoparticles fabricated using a) activated carbon, b) charcoal, c) sugar 

 

3.3.2 Flux assisted in-situ synthesis of W/WC in Cu 

 W/WC particles were fabricated in molten Cu by a similar method. It is the very first time 

WC particles were fabricated using flux-assisted reaction. Briefly, Cu was melted at 1100oC first. 

KAlF4 was the buffer salt. The volume ratio between Cu and buffer salt is 1:1. A certain amount 
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of Al is added to aluminum as a reduction agent. WO3 powder is the tungsten source, and it was 

mixed with activated carbon and KAlF4. The mixture was then added to the buffer salt, and the 

reaction took 30 min. Finally, the salt was removed, and the sample was cast in a graphite mold 

for further characterization. The in-situ reactions are shown in Equations 3-6 and 3-7 below. 

2Al +WO3 = Al2O3 +W                                                (3-6) 

W+ C = WC                                                          (3-7) 

The SEM images of the Cu-W/WC composite were presented in Figure 3-14. As seen in 

Figure 3-14a, two types of particles exist in the sample. One type of particle is the sphere with 

curved surfaces. The other type of particle is the polygon with sharp edges and flat surfaces. The 

sphere particles are W particles, and the polygons are WC. There are many remaining W particles 

in the sample because the reaction is slow. Both carbon and tungsten have very low solubilities in 

molten metal, and thus the reaction was incomplete. The average size of the W particles is 413.5 

± 213.9 nm, and the average size of WC particles is 265.2 ± 122.6 nm. The size distribution of 

these two particles is shown in Figure 3-15. The synthesized WC particles have an average size 

above 100 nm due to a higher reaction temperature in molten Cu. Particles are growing fast in 

high-temperature environments. It is currently unsure why W became particles. One explanation 

is that tungsten dissolved into the melt first due to the reaction shown by Equation 3-6, and the 

nucleation of W happened later in the molten Cu. Compared to the ex-situ Cu-WC nanocomposites, 

the in-situ sample has limited advantages. The in-situ particles are larger, and it might take a much 

longer reaction time to react to all remaining W particles. The ex-situ Cu-WC is easy to make and 

carries smaller WC particles. 
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Figure 3-14. SEM pictures of the in-situ Cu-W/WC sample. a) large area consists of both particles, b) region with W particles, c) 

region with WC particles 

 

 

Figure 3-15. Size distribution of in-situ a). W particles and b) WC particles 
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3.4 Size distribution 

 The average size of in-situ TiB2, TiC, and WC was collected from the literature. Ashby 

charts of the in-situ fabricated particles' size distribution by different temperatures were made. The 

following methods can fabricate the in-situ TiC particles: direct reaction synthesis (DRS)37–45,136, 

rapid solidification processing (RSP)40,137–139, vapor-liquid-solid reaction process (VLS)81–84, self-

propagating high-temperature synthesis (SHS)70,71,140,141, mechanical alloying (MA)77,80, hot 

isostatic pressing (HIP)86 and flux-assisted synthesis (FAS)65–67. The corresponding Ashby chart 

of in situ TiC particles is presented in Figure 3-16. Here, using nano-diamond in mechanical 

alloying is marked as MA*. It is shown two methods can fabricate in-situ nanosized TiC particles. 

One way is by MA, but nano-sized reactants should be used. Another method is rapid solidification 

which is not suitable for mass production. 

 

Figure 3-16. Size distribution of the in-situ fabricated TiC particles by different methods and at different temperatures 
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The in-situ TiB2 particles synthesized by direct reaction synthesis (DRS)35,36,44, reactive, 

spontaneous infiltration (RSI)76, rapid solidification processing (RSP)97, self-propagating high-

temperature synthesis (SHS)140, mechanical alloying (MA)78,79, flux-assisted synthesis 

(FAS)49,52,54–64,142–144, reactive hot pressing (RHP)74,75 and exothermic dispersion (XD)73,74, 

Ultrasonic-assisted FAS is indicated as FAS*133, FAS with high-speed stirring is indicated as 

FAS**51,53. Rapid solidification after direct reaction synthesis is indicated as DAS*145. The 

corresponding Ashby chart is shown in Figure 3-17. Similarly, MA and RSP can produce TiB2 

nanoparticles. FAS with high-speed stirring or ultrasonication can also help reduce the size of the 

particles, but high-speed stirring and ultrasonication are limited in industry applications. Therefore, 

the dilution method is currently the only economical way of producing nano TiB2. 

 

Figure 3-17. Size distribution of the in-situ fabricated TiB2 particles by different methods and at different temperatures 
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 There is limited research on in-situ WC particles. DRS44,46–48 is the most common method 

for in situ fabrication of WC. Besides, researchers also tried spark plasma sintering (SPS)88, laser-

induced reaction (LIR)87, and laser cladding (LC)89. All these methods produce macroparticles that 

have average sizes above 1 µm. Our dilution method produced the smallest particles among all 

methods. 

 

Figure 3-18. Size distribution of the in-situ fabricated WC particles by different methods and at different temperatures 

 

Minor works have been conducted for in situ fabrication of ZrB2. SHS72 was applied to 

fabricate Al-ZrB2 composite and get particle size of about 2 µm. Zhang et al. produced in situ 

(Al3Zr + ZrB2)/Al composites by FAS to yield particles of 400 nm68. Kumar et al. synthesized 
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submicron ZrB2 particles between 25 nm to 2 µm by FAS. The average size of our ZrB2 

nanoparticles is 75.3 ± 31.5 nm.  

3.5 Interface size control mechanism 

 The dilution method has shown a better capability of size control during in situ fabrication, 

but the mechanism is not clear. Here we use TiB2 as a model to study the underlying mechanism 

for size control. The reaction for TiB2 synthesis can be divided into several steps. First, Al quickly 

reduces KBF4 and K2TiF6 at the salt-metal interface. Second, the reduced B and Ti dissolve and 

diffuse into the Al melt from the interface to form Al3Ti and AlB2 when their concentrations exceed 

certain limits, and Al3Ti and AlB2 may not form if the concentration of Ti or B in aluminum is low. 

The reduction of K2TiF6 is much faster than the reduction of KBF4
146. Thus Al3Ti forms first in 

the aluminum melt and then reacts with incoming B from the salt. Finally, the nucleation and 

growth of TiB2 particles occur when B and Al3Ti react with each other. Since the Gibbs free energy 

for reaction (AlB2 + Al3Ti = TiB2 +4Al) is = -5189143 - 266.4T J mol147. It will be negative below 

1373K, and therefore B will react with Al3Ti to form TiB2 rather than to form AlB2. 

The classical growth model indicates the growth of a particle is dependent on the surface 

reaction and diffusion of reactants. The particle’s growth is then divided into three categories: 

surface reaction-controlled growth, diffusion-controlled growth, and mixed-controlled growth, 

depending on which process is the limiting factor96. The growth of TiB2 is assumed to be diffusion-

controlled148, so the particle size from the diffusion-controlled growth model can be written as r = 

(2DSt)1/2. Here, r is the radius, D is the diffusivity of the reactant, S is the supersaturation as a 

function of concentration, and t is the growth time5. When KBF4 and K2TiF6 salts are used for TiB2 

synthesis, the reactions between Al and fluoride salts are fast; the nucleation and growth of TiB2 
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will then take place when there are constant titanium and boron fluxes from the salt-aluminum 

reaction. This provides a supersaturated environment and longer reaction time for TiB2 that 

nucleated at the beginning of the process and makes the particle size distribution wider. Another 

problem is that when K2TiF6 and KBF4 are added directly onto molten salt, a large amount of heat 

will be released by this reaction to increase the temperature of the melt. This temperature 

fluctuation makes particle size control more difficult.  

3.5.1 The influence of reaction time, temperature, and concentration 

K2TiF6 concentration in the molten salt solution, reaction temperature, and reaction holding 

time was selected as variables to study nanoparticle formation and control mechanisms. A 

nanoparticle fraction of 2 vol.% was chosen because it is commonly used in nanoparticle-

reinforced aluminum alloys. In the salt pool, samples utilizing different K2TiF6 concentrations 

between 0.2 g/cm3 and 1.31 g/cm3 were fabricated. The highest concentration of K2TiF6 was 1.31 

g/cm3 when no KAlF4 was used for dilution, which is the concentration in conventional synthesis 

methods that used the mixture of KBF4 and K2TiF6. The reaction temperature and holding time 

were fixed at 1023 K and 10 min in this study. The average size and the size distribution of these 

samples are shown in Figures 3-19. The particles have the smallest average size (22.1 nm) and 

narrowest size distribution when the K2TiF6 concentration is 0.4 g/cm3. The area shaded in red in 

Figure 3-19a is the frequency of the particles larger than 100 nm. The average size and size 

distribution become larger when the K2TiF6 concentration increases above 1.0 g/cm3. The average 

size of the particles drops from 32.5 nm to 22.1 nm when the concentration increases from 0.2 

g/cm3 to 0.4 g/cm3, as the size measurements included both remaining Al3Ti particles and TiB2 

nanoparticles because both these particles are black polygon in SEM images under the in-lens 

mode and thus it is difficult to distinguish.  When the K2TiF6 concentration rises from 0.4 g/cm3 
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to 0.8 g/cm3, the average size of TiB2 particles remained nearly unchanged. Then, it started to 

increase as the K2TiF6 concentration continued to increase. Furthermore, the size fluctuation for 

the samples produced with a concentration between 0.4 g/cm3 and 0.8 g/cm3 is smaller than other 

samples, which indicates a narrower size distribution. As in Figure 3-19a, the red shaded area is 

the frequency of particles above 100 nm. The number of these sub-micron particles increases 

sharply when the K2TiF6 concentration is above 1.0 g/cm3. It suggests that the percentage of large 

particles was effectively reduced by the dilution of KAlF4 in the salt mixture. 

 

Figure 3-19. a) Average size of synthesized TiB2 vs. K2TiF6 concentration (with a reaction time of 10 min at 1023 K) and the 

frequency of particles larger than 100nm; b) particle size distribution using different K2TiF6 concentrations 

 

Different temperatures between 993 K and 1373 K were selected to study the temperature 

effects on the particle size. The K2TiF6 concentration and reaction holding time for this study are 

fixed at 0.4 g/cm3 and 10 min, respectively. The average size and size distribution are shown in 

Figure 3-20a and Figure 3-20b. As the reaction temperature increases, the average size of the 

particles first drops a little and then increases again. The initial drop in the average size is due to 
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the unfinished reaction and the inclusion of larger Al3Ti particles. At 993 K, the average size is 

larger than that in the sample prepared at 1023 K. Starting from 1023 K, the higher temperature 

results in a larger average size and broader size distribution. The overall trend is that the size of 

the formed TiB2 increases with temperature. 

 

Figure 3-20. a) Average size of synthesized TiB2 vs. reaction temperature (after a reaction time of 10 min with a K2TiF6 

concentration of 0.4 g/cm3) and the frequency of particles larger than 100 nm; b) size distribution of particles under different 

temperatures 

 

The average sizes of the particles under different holding times are plotted in Figure 3-21a. 

The concentrations of K2TiF6 in these samples were fixed at 0.4 g/cm3 with the reaction 

temperature at 1023 K. Like the size-concentration and size-temperature plots, both the average 

size and distribution range drop at the beginning and rise afterward. Unreacted Al3Ti causes the 

initial drop, and further growth of the particles results from Ostwald ripening, where small 

nanoparticles tend to dissolve, and large particles tend to grow due to a reduction in total surface 

energy. The nanoparticles’ growth velocity at this temperature is slow. From 10 min to 60 min, 
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the average size increased from 22.1 nm to 30.7 nm, and the frequency of particles larger than 100 

nm increased slightly but remained low at about 2%.  

 

Figure 3-21. a) Average size of synthesized TiB2 vs. reaction holding time (with a K2TiF6 concentration of 0.4 g/cm3 at 1023 K) 

and the frequency of particles larger than 100 nm; b) size distribution of particles of different reaction holding time  

 

3.5.2 Interface diffusion-controlled growth model 

The formation of TiB2 nanoparticles from large Al3Ti intermetallic particles was observed 

in a sample after only a 1 min reaction. A clear interface between the earlier-formed Al3Ti and 

new TiB2 from this reaction is presented in Figure 3-22a. As mentioned before, Al3Ti will form 

first due to the faster reduction of K2TiF6, and because no AlB2 was observed in the 1-min-reaction 

sample, the reactant B is believed to come from the salt-metal reaction while Ti is from the 

dissolution of Al3Ti. Early formed Al3Ti will continuously be consumed until all boron is into the 

aluminum melt and react with Ti. It suggests that an interface diffusion-controlled growth model 

can describe the growth of nanoparticles. The potential growth mechanism is illustrated in Figures 

3-22b, where boron flux comes from the matrix to react with titanium released from Al3Ti. 
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Heterogeneous nucleation of TiB2 nanoparticles on the Al3Ti interface can happen, and the 

particles' growth was limited close to the interface. As the reaction continues, the Al3Ti is 

consumed, and the interface is pushed backward. In Figure 3-22c, the concentration profiles of 

boron and titanium are illustrated. The boron concentration profile is 𝐶𝐵,𝑥, the concentration far 

away from the interface is 𝐶𝐵,∞, while the concentration at the interface is 𝐶𝐵,𝑖 . Similarly, the 

concentration of dissolved titanium is 𝐶𝑇𝑖,𝑥. At the interface, titanium has the highest concentration, 

𝐶𝑇𝑖,𝑖 and it drops quickly away from the interface. There is a narrow region where the concentration 

of these reactants is high enough for the growth of TiB2. Away from this region, the dissolved Ti 

and B and solid TiB2 are at equilibrium, meaning growth will not continue. This is an ideal case 

when K2TiF6 reacts much faster than KBF4 such that no other Ti would come from the Al/salt 

liquid interface to promote the growth of particles when the reduction of K2TiF6 is complete. The 

width of the growth region is defined as Δx. Ostwald ripening is not considered in this model since 

the size of the nanoparticles is not very sensitive to the reaction holding time in this study. We 

assume that the diffusion of boron and the reaction rate between boron and titanium are fast, so 

the growth of the particles is only diffusion-controlled, as stated in another paper148. 
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Figure 3-22. a) SEM picture of a reaction region where TiB2 nanoparticles (NPs) form, with the reaction interface drawn; b) 

illustration of the reaction model where the reaction interface will move when Al3Ti is consumed; c) concentration profile of Ti 

and B close to the reaction interface 

 

We can assume the concentration of Ti is constant far away from and at the interface. 

Therefore, 𝐶𝑇𝑖,∞ and 𝐶𝑇𝑖,𝑖 are constant. The diffusion in the growth region is steady so that the 

concentration profile can be written as: 

𝐶𝑇𝑖,𝑥 = 𝐶𝑇𝑖,𝑖 − (
𝐶𝑇𝑖,𝑖−𝐶𝑇𝑖,∞

Δx
) ∙ 𝑥                                                       (3-8) 

Here, 𝐶𝑇𝑖,∞ ≪ 𝐶𝑇𝑖,𝑖. 

The diffusion-controlled particle growth can be written as: 

𝑑𝑟 =
𝑉𝑇𝑖𝐵2𝐷𝑇𝑖(𝐶𝑇𝑖,𝑥−𝐶𝑇𝑖,𝑁𝑃)

𝑟
𝑑𝑡149                                                     (3-9) 

Here, r is the radius of a particle, V is the molar volume of TiB2, 𝐷𝑇𝑖 is the diffusivity of titanium, 

and 𝐶𝑇𝑖,𝑁𝑃is the concentration of titanium at the nanoparticle interface. Here, we assume the 

diffusion of boron is fast enough such that the diffusion of titanium from Al3Ti determines the 

particle growth. Similarly, 𝐶𝑇𝑖,𝑁𝑃 ≪ 𝐶𝑇𝑖,𝑥. Based on mass conservation, the titanium released from 

the Al3Ti should be equal to the titanium reacted to form TiB2 nanoparticles, as shown in Equation 

(3-10): 

𝐽𝑇𝑖𝑑𝑡 = 𝜌𝑇𝑖,𝐴𝑙3𝑇𝑖𝑑𝑥                                                                (3-10) 

Here, 𝐽𝑇𝑖  is the titanium flux released from Al3Ti, and 𝜌𝑇𝑖,𝐴𝑙3𝑇𝑖  is titanium’s molecular density 

(mol/m3) in Al3Ti. According to Fick’s law, the flux can be written as: 

𝐽𝑇𝑖 = 𝐷𝑇𝑖
𝐶𝑇𝑖,𝑖−𝐶𝑇𝑖,∞

Δx
                                                                (3-11) 
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𝐷𝑇𝑖  is the diffusivity of titanium in liquid aluminum, and 𝐷𝑇𝑖 =𝐷𝑇𝑖
0 exp (−

∆𝐺𝑎

𝑘𝑇
) . 𝐷𝑇𝑖

0  is the 

diffusivity under standard conditions, and ∆𝐺𝑎 is the activation energy of diffusion. After plugging 

Equations (3-8), (3-10), (3-11) into Equation (3-9), we can determine the size of a particle: 

𝑟 = (
1

2
𝑉𝑇𝑖𝐵2𝜌𝑇𝑖,𝐴𝑙3𝑇𝑖)

1

2 ∙ Δx                                                             (3-12) 

When the interface moves a distance Δx, the total amount of titanium in the nanoparticles in the 

growth region should be equal to the amount of titanium released from Al3Ti:  

𝑁 ∙ 𝜌𝑇𝑖,𝑁𝑃 ∙
4

3
𝜋𝑟3 = 𝜌𝑇𝑖,𝐴𝑙3𝑇𝑖 ∙ Δx ∙ 1m

2                                              (3-13) 

Here, N is the number of particles in this region, and 1m2 is the unit area. N can then be calculated 

from nucleation rate and time: 

𝑁 =  �̇� ∙ 𝑡𝑁𝑃 ∙ 1𝑚
2 = 𝑓0𝑁𝐴𝐶𝑇𝑖,𝑖 exp (−

∆𝐺∗

𝑘𝑇
) ∙ 𝑡𝑁𝑃 ∙ 1𝑚

2                        (3-14) 

Here, �̇�is the nucleation rate, 𝑡𝑁𝑃 is the time needed for the interface to move a distance Δx where 

𝑡𝑁𝑃 ∙
𝑑𝑥

𝑑𝑡
= Δx, 𝑓0 is a coefficient of how fast titanium atoms form stable nuclei, 𝑁𝐴 is Avogadro’s 

number, 𝑁𝐴𝐶𝑇𝑖,𝑖 is the total number of titanium atoms close to the interface, ∆𝐺∗is the critical 

nucleation energy, k is the Boltzmann constant, T is absolute temperature, and 1m2 is the unit 

area. After plugging Equations (3-10), (3-11), (3-12), (3-14) into Equation. (3-13), the radius of 

the particles can be written as: 

𝑟 = 𝐶𝑒𝑥𝑝(−
𝑃

𝑇
)                                                               (3-15) 

In Equation (3-15), C and P are constant numbers that can be expressed as: 



72 

` 

𝐶 = [
3𝐷𝑇𝑖

0

4𝜋𝜌𝑇𝑖,𝑁𝑃𝑓0𝑁𝐴
(
1

2
𝑉𝑇𝑖𝐵2𝜌𝑇𝑖,𝐴𝑙3𝑇𝑖)

1

2]

1

4
                                                 (3-16) 

𝑃 =
∆𝐺𝑎−∆𝐺

∗

4𝑘
                                                                       (3-17) 

In this simplified model under a reactant dilution, the radius of synthesized nanoparticles 

is simply a function of temperature, while neither the concentration nor reaction time influence the 

average particle size. The irrelevance of concentration may be attributed to the extremely fast 

reduction of K2TiF6 by Al, such that the titanium flux comes solely from Al3Ti. However, 

experimental results showed an increase in the average size of the particles when concentration 

was increased beyond the dilution range. As the model assumes the growth of particles is limited 

in the growth region, it no longer holds at a higher concentration of K2TiF6, which would result in 

a chaotic reaction at the aluminum/salt interface with the formed particles continuing to grow with 

incoming Ti from elsewhere in the solution. The temperature-size curve was fitted using Equation 

(3-15), as shown in Figure 3-23; from fitting, the factors C and P are 74572.9 nm and 8247.3 K, 

respectively.  

 

Figure 3-23. The average particle size at various temperatures 
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P indicates how diffusion activation energy, critical nucleation energy, and temperature 

affect particle size. Generally, faster diffusion will result in a larger particle size. Therefore, either 

higher temperature or smaller diffusion activation energy will make the particles larger. On the 

other hand, a faster nucleation rate means more small particles are generated. Thus larger critical 

nucleation energy promotes the growth of larger particles in a lower quantity. P can also be 

estimated from currently available data. The activation energy of titanium diffusion in liquid 

aluminum can be estimated to be roughly 30 kJ/mol150,151. Unfortunately, data regarding ∆𝐺∗is not 

available in the literature. TiB2 can heterogeneously nucleate on the Al3Ti surface to form a 

coherent interface152. Furthermore, the energy released by the reaction between boron and Al3Ti is 

(−43.4 × 103 + 15.8𝑇) J/mol36 and thus provides a strong driving force to initiate nucleation. In 

one example, the value of ∆𝐺∗for heterogeneous calcium carbonate nucleation on quartz is 16 ± 3 

kJ/mol153. The ∆𝐺∗ for TiB2 nucleation would be of the same order. Therefore, from current 

available data, P can be calculated to have an order of magnitude of 103. This number is 

comparable with the fitted result from the experimental data. However, the data for pre-exponential 

factors in the nucleation rate is scarce, especially for systems at such high temperatures. Therefore, 

it is currently difficult to estimate C.  

The interface diffusion-control model provides one possible explanation as to why particles 

synthesized at high temperatures could remain nano-sized without surfactants. The traditional 

diffusion-controlled growth model or surface reaction model96 predicts particles could continue to 

grow, and the particle's size depends on the reaction time. However, there are still limitations to 

this diffusion-controlled model. Firstly, the particles must grow in a steady system where reactants 

come from opposite directions to react in a region near the interface. But normally, Al3Ti moves 

in the liquid, and the boron flux might not be constant since KBF4 is consumed continuously 
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during the reaction. Secondly, the movement of the particles is neglected. Some particles can move 

and enter other growth regions close to Al3Ti particles due to their Brownian motion. Finally, the 

reaction is assumed to be determined mainly through titanium diffusion. The diffusion of boron, 

reaction speed at the nanoparticle interface, and the rate at which titanium leaves Al3Ti are all 

assumed to be fast enough such that titanium diffusion is the dominating factor. 

3.6 Summary 

1. Flux-assisted ex-situ method was applied to fabricated Al-TiC and Cu-WC 

nanocomposites for comparison. 

2. A dilution method is invented to fabricated in-situ Al-TiB2 nanocomposite, Al-ZrB2 

nanocomposite, Al-TiC nanocomposite, and Cu-W/WC composite. Except for the Cu-W/WC 

samples, the in-situ fabricated particles offer a much narrower distribution and are smaller than 

other methods reported in the literature. The finest TiB2 nanoparticles fabricated were 22.1 ± 8.4 

nm. The average size of ZrB2 is 75.3 ± 31.5 nm. The TiC particles can be fabricated using activated 

carbon, charcoal, and sugar. The one made from sugar has the smallest size of 35.7 ± 21.6 nm. The 

Cu-W/WC sample has two different particles left in the Cu matrix, and the formed particles are 

larger (265.2 ± 122.6 nm) comparing to the ex-situ Cu-WC sample. Comparing to the ex-situ 

method, the in situ Al-TiC fabricated using activated carbon or sugar has little Al3Ti left in the 

sample indicating a complete reaction.  

3. A interface-controlled reaction model is built to explain the size controlling mechanism 

in the dilution method for TiB2 fabrication. The result indicates that the size of the particles is a 

function of absolute temperature and is independent of K2TiF6 concentration in a diluted reactant 

solution. However, the model fails at high K2TiF6 concentrations because the reaction is no longer 
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steady; the average size increases dramatically with temperature. Furthermore, Ostwald ripening 

is relatively slow, so the particles did not grow large for a longer holding time at 1023 K, which is 

suitable for mass processing in the industry.   
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 Chapter 4 Nano-Treating Effects 

Nano-treating is to modify the manufacturing process, microstructure, and properties of the 

alloy by adding a small volume percentage of ceramic nanoparticles in metals. Ceramic 

nanoparticles are effective grain refinement agents, and they alter the solidification behavior 

during casting, welding, and additive manufacturing. Both primary and secondary phases can be 

significantly refined. Moreover, it might change the thermodynamics and kinetics of solution 

treatment and aging. During plastic deformation, nanoparticles can also influence recrystallization 

and impede grain growth. This chapter conducts experiments to study the nano-treating effects 

using different aluminum and copper alloy systems. The results show nano-treating has excellent 

potential in breaking the barriers of traditional metallurgy and achieving unprecedented 

performance for alloys. 

4.1 Nanoparticle influence on solidification 

It is known that nanoparticles can refine grain during solidification because they serve as 

heterogeneous nucleation sites for the primary phases and impede grain growth. Here in this 

section, TiC nanoparticles were added to aluminum 7075 alloys to study the influence of 

nanoparticles on solidification. 

4.1.1 Solidification curves  

A control sample without nanoparticles (pure AA7075) and a sample containing 1 vol.% 

of TiC nanoparticles (7075-1NP) were fabricated for a solidification study. Briefly, pure aluminum 

was melted first at 820oC, higher than conventional AA7075 alloy because TiC nanoparticles were 

not thermally stable below 750oC in aluminum melt154. Pure Zn, Mg, Cu, and Al-3TiC were added 

to the molten aluminum to obtain the designated composition. Here Al-3TiC is an in-situ Al-TiC 
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master nanocomposite containing 3 vol.% of TiC nanoparticles. Mechanical stirring and degassing 

were applied for 40 mins. The alloys were then cast in a steel mold. The samples were cut, ground, 

polished, etched for characterization. The composition of the fabricated samples was tested by 

spark emission spectrometer (Spark CCD 7000, NCS). Each sample was tested three times, and 

the results are shown in Table 4-1. TiC volume fraction was calculated accordingly. These two 

samples have a typical AA7075 alloy composition, and the 7075-1NP sample carries 

approximately 0.86 vol.% of TiC nanoparticles. The optical images of the two samples are shown 

in Figure 4-2. Dendrite arms are clearly shown in the pure AA7075 sample. AA7075 has a grain 

size of several hundred micrometers. The nanoparticles refine the grains of 7075-1NP while 

nanoparticles pseudo-clusters exist along the grain boundaries. Shrinkage porosities could be seen 

in the optical images of the AA7075 sample and confirmed by SEM images as inserted in Figure 

4-1a. No shrinkage porosity was observed in the nano-treated 7075-1NP sample. 

Table 4-1. Compositions of the AA7075 and 7075-1NP samples 

 Al Zn(wt.%) Mg(wt.%) Cu(wt.%) Ti (wt.%) TiC (vol.%) 

AA7075 Bal. 5.61 ± 0.02 2.42 ± 0.02 1.33 ± 0.01 0.00 ± 0.00 - 

7075-1NP Bal. 5.53 ± 1.11 2.51 ± 0.09 1.45 ± 0.09 1.17 ± 0.13 0.86 ± 0.01 
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Figure 4-1. Optical images of the a) AA7075 sample and b) 7075-1NP sample. The inserted SEM image shows the shrinkage 

porosities 

 

A two-thermocouple computer-aided thermal analysis (CATA)155 system is shown in 

Figure 4-2. The CATA system is applied to record the temperature change during solidification. 

Briefly, samples of 400 g were melted at 750oC and cooled in an alumina crucible. Its temperature 

was recorded by two thermocouples every 0.1 seconds by a data acquisition (DAQ) system. One 

thermocouple was placed in the center of the melt, and the other was attached to the wall of the 

alumina crucible. The average cooling rate is determined by the ratio of the total solidification 

temperature range over the total solidification time. The CATA system is utilized for temperature 

recording instead of DSC analysis because DSC analysis is usually done at a constant cooling or 

heating rate. In contrast, the CATA records the temperature of solidification in casting. 
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Figure 4-2. Illustration of temperature recording system during solidification 

 

The temperature in the center of the ingot (Tc) and the temperature close to the wall (Tw) 

were recorded. The solidification curves were presented in Figure 4-3. The first derivative of 

temperature with respect to time (dT/dt) was calculated to show phase transformation and heat 

release156,157. The corresponding solid volume fraction was calculated based on the Newtonian 

baseline158. The solidification process was divided into three stages. Stage 1 indicates the 

nucleation event of α-aluminum, which starts from the first turning point of the cooling curve 

where the 7075-1NP sample has a fast drop of dT/dt, representing rapid heterogeneous nucleation 

initiated by TiC nanoparticles. In contrast, the initial drop in AA7075 was gentle. Stage 2 is the 

growth of α-aluminum, which is from 630oC to 480oC. Stage 3 indicates the nucleation and growth 

of the eutectic phase, where there is a peak in dT/dt. The calculated solid volume fraction at 

different temperatures is shown in Figure 4-3b. 7075-1NP started nucleation of α-aluminum at a 

smaller undercooling (higher temperature) due to heterogeneous nucleation, and it had a fast 

solidification speed at the beginning. At stage 3, the volume fraction of the eutectic phase was 
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different even though these alloys have similar composition and cooling conditions. The 7075-

1NP had a lower volume of eutectic phases (4.4 vol.%), and the AA7075 has 6.0 vol.%.  

 

Figure 4-3. a) Cooling curves and dT/dt curve of AA7075 and 7075-1NP samples, b) solid volume fraction vs. temperature 

 

4.1.2 Grain coherency point  

The heat was transferred from the melt to the crucible wall. Thus the temperature recorded 

in the center thermocouple is higher than the temperature close to the wall. Meanwhile, latent heat 

from liquid-solid transformation will generate heat. If the heat transfer is lower than the heat 

generated, the overall temperature will rise. When free-floating solids in the liquid form a coherent 

network, the heat transfer is promoted through the solid, dominating over latent heat generation. 

Then, the temperature starts to drop. The grain coherency point (GCP) is the point at which the 

heat transfer through the solid becomes dominant during solidification155. The effect of 

nanoparticles on the GCP was studied by CATA. The temperature difference between Tw and Tc 

indicates whether heat transfer or heat generation is dominant. Figure 4-4 shows the cooling curves 

and delta T curves for AA7075 and 7075-1NP. The GCP is where the absolute delta T value 

reaches a maximum after the first peak, as indicated by blue dash lines. The grain coherency 
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temperatures (in the center) were derived with respect to the time. For the AA7075, GCP was at 

633.1oC while at 623.6 oC for 7075-1NP. TiC nanoparticles lower the GCP, which means it takes 

longer to form a solid network in the melt. This is because nanoparticles inhibit grain and dendritic 

arm growth in the melt. Postponed GCP can reduce the casting defects, including hot cracking and 

shrinkage porosity, by allowing sufficient time for liquid backfill during solidification159,160. 

Optical images confirmed this elimination of the shrinkage porosity in Figure 4-1. 

 

Figure 4-4. Cooling curves and Tw – Tc curves of a) AA7075 sample and b) 7075-1NP sample 

 

4.2 Nanoparticle solute element interaction 

When nanoparticles exist, one atom's energy state at the nanoparticle surface would be 

different from the energy in the matrix. In this section, a Cu-WC sample was prepared. Mg was 

added to the matrix to study the composition difference. 

The first step is to fabricate Cu-20Mg master alloy. Pure Mg was wrapped in copper foil. 

Pure Cu, wrapped Mg were placed in a graphite crucible. MgCl2 salt was added for oxidation 

protection. The crucible was slowly heated to 1000oC and remained there for 20 min. The salt was 

removed, and the Cu-Mg master was cast in a graphite crucible. The second step is to fabricate 
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Cu-Mg-WC composite. Pure copper was melted at 1250 oC in a graphite crucible. WC 

nanoparticles were mixed with MgCl2. A certain amount of Cu-20Mg master with the WC-salt 

mixture was added on top. It was designed to have 0.4 wt.% of Mg and 5 vol.% of WC. After 10 

mins, salt was removed, and the sample was cast in a graphite crucible. The master was then 

prepared for SEM and EDS observation. As WC nanoparticles form pseudo-clusters in Cu, there 

are nanoparticle (NP) rich and free regions. EDS mapping was performed in different regions to 

discover a difference in Mg composition in two regions, as shown in Figure 4-5. The overall Mg 

content is 0.25 wt.%, and the loss was due to the oxidation of Mg. In the NP-free region, the Mg 

weight percentage dropped to 0.19%. EDS point scanning was applied to confirm the results. In 

Figure 4-6, the Mg weight percentage is 0.38 ± 0.13% within the NP-rich zone while 0.16 ± 0.05% 

in the NP-free region showing that Mg has a higher concentration in the NP-rich region, which 

could be attributed to more defects (interfaces, voids, dislocations, grain boundaries) existed in the 

nanoparticle-rich zone where elements stay in these defects to reduce overall energy. Similar 

effects are grain boundary segregation161 and solute enrichment at the particle interface162. 

 

Figure 4-5. a). SEM image of the Cu-0.25Mg-5WC sample, b) larger magnification of NP free region 
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Figure 4-6. a) SEM image of the Cu-0.25Mg-5WC sample, b) Mg composition by point scanning 

 

4.3 Nanoparticle influence solutionization 

 Heat treatment is often necessary for many alloys to obtain advantageous properties. 

Solution treatment is to raise a sample to a temperature below liquidus temperature to dissolve 

secondary phases. If the secondary phases were not entirely dissolved into the metal matrix, they 

would be detrimental to alloy properties such as ductility, corrosion resistance, and fatigue. Here 

in this section, a high-zinc Al-8.6Zn-2.8Mg-1.8Cu alloy containing TiC nanoparticles was 

fabricated to study how nanoparticles influence solution treatment.  

The Al-8.6Zn-2.8Mg-1.8Cu sample containing 1.0 vol.% of TiC was fabricated. In-situ Al-

TiC master nanocomposite containing 3 vol.% of TiC nanoparticles was used. Pure aluminum was 

melted at 860oC, and argon protection was applied. Designated amounts of pure zinc, magnesium, 

copper, and Al-TiC master nanocomposite were added to the melt. Mechanical stirring (30RPM) 

was applied to help achieve a homogeneous melt. After 10 mins, the surface oxidation layer was 

skimmed away before casting the alloy in a steel rod mold. A control sample without nanoparticles 
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was fabricated as well. Optical images and SEM were used for microstructure observation. 

Detailed parameters are similar to previous sections. The actual composition of the alloy was 

studied by inductively coupled plasma mass spectroscopy (ICP-MS, NexION 2000, PerkinElmer). 

Differential Scanning Calorimetry (DSC) (TA Instruments, Q600) was used to test the latent heat 

during heating. The weight of the tested samples was 40 mg, and the heat flow was normalized. 

The chemical compositions of the samples are shown in Table 4-2. The calculated TiC volume 

percentage is 1.0 vol.%. The optical images of the two samples were shown in Figure 4-7. The 

grain size of the control sample is 272.3 ± 69.2 μm while the nano-treated sample has an average 

grain size of 30.4 ± 10.3 μm. 

Table 4-2. Compositions of the Al-8.6Zn-2.8Mg-1.8Cu sample 

Sample No. Zn Mg Cu Fe Si Ti Al 

Control 8.84±0.02 2.91±0.17 1.80±0.02 0.08±0.00 0.04±0.00 0.00±0.00 Bal. 

Nano-treated 8.67±0.54 2.83±0.07 2.05±0.03 0.17±0.01 0.04±0.00 1.61±0.01 Bal. 

 

 

Figure 4-7. Optical images of as-cast a) control sample; b) nano-treated sample 
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4.3.1 Solution temperatures  

 DSC analysis was done to select a suitable solution treatment temperature for the alloy. 

The heat flow during heating up was recorded and presented in Figure 4-8. There is a gradual 

turning point of the curve at around 460oC, where the melting of the eutectic phase starts. Three 

different solution treatments were experimented with after homogenization at 450oC for 24 hours 

based on the DSC results. The first one is solution treatment at 460oC for 1.5 hours. The second is 

470oC for 1.5 hours, and the last is a step solution treatment at 460oC for 1 hour followed by 480 

oC for 1 hour. The SEM images of the nano-treated sample after solution treatment were presented 

in Figure 4-9. The remaining secondary phases were calculated using the SEM pictures. The 

percentage (area percentage in the SEM pictures) was obtained from each sample's three SEM 

images. The as-cast sample contains 7.50 ± 1.03% of the secondary phase.  After solution treatment 

at 460oC for 1.5 hours, the remaining secondary phase is 2.37 ± 0.35%, and the percentage drops 

to 1.27 ± 0.02% for the solution temperature at 470oC. The step solution treatment (460oC for 1 

hour followed by 480 oC for 1 hour) further reduces the remaining secondary phase to 1.12 ± 0.09%. 

Therefore, this step solution treatment was chosen for the following experiments. 
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Figure 4-8. DSC analysis. Heat flow during heating up 

 

 

Figure 4-9. SEM images of the nano-treated sample with different heat treatments. a) as cast, b) 460oC for 1.5 hours, c) 470oC 

for 1.5 hours, d) 460oC for 1 hour and 480oC for 1 hour. The inserted numbers are the area percentages of the undissolved 

secondary phases 
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4.3.2 Dissolution of secondary phase 

 The same heat treatment was applied to the control sample. SEM images of the control 

sample and the nano-treated one were shown in Figure 4-10. After solution treatment, a large 

secondary η phase (MgZn2) in the control sample, as shown in Figure 4-10a, b, was not completely 

dissolved. On the contrary, in Figure 4-10c, d, most secondary phases were dissolved in the nano-

treated sample. In the control sample, a large sphere-shaped η phase was in the matrix, and long 

stripe-shaped secondary phases (more than 10 µm) were along the grain boundaries. These large 

secondary phases could reduce the overall properties of the alloy. Moreover, the undissolved 

secondary phase means fewer precipitates could be formed during the aging process. With the help 

of nanoparticles, no large η phase was observed after solution treatment. Some relatively sizeable 

secondary phase (Al7Cu2Fe) was found in the nano-treated sample due to iron contamination. 

Nanoparticles could be found along the grain boundaries. As shown in Figure 4-10d, the 

nanoparticles mark a contour of a disappeared secondary phase similar to the one shown in Figure 

4-10b, which could be direct evidence of nano-treating facilitated solutionization.  
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Figure 4-10. SEM pictures of the control sample and the nano-treated alloy after solution treatment, a, b) control sample; c, d) 

nano-treated sample 

 

The remaining secondary phases of the control sample were also calculated, and the 

comparison of area fraction was shown in Figure 4-11. In the as-cast samples, about 7% of the 

area was occupied by secondary phases, while there is no significant difference between the control 

sample and the nano-treated sample. After two-step solution treatment, 2.95 ± 0.31% of the 

secondary phase remained in the control sample, while only 1.12 ± 0.22% remained in the nano-

treated sample. Most secondary phases were dissolved in the nano-treated sample, considering the 

nanoparticles added in and the undissolved phases in the secondary phase zones. The faster 

dissolution is probably caused by a faster diffusion of the alloying elements. The presence of 

nanoparticles would provide a high area of the nanoparticle-matrix interface. The diffusivity along 

these interfaces would be higher to facilitate atoms diffuse into the matrix. Moreover, there would 
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be a higher dislocation density in the region close to nanoparticle pseudo-dispersion zones due to 

a high CTE mismatch21. Dislocations could also help alloying elements diffusion. Traditionally 

these large secondary phases in high-zinc Al-Zn-Mg-Cu alloy will make the alloy more sensitive 

to hot cracking and stress corrosion cracking during solid-state processing. Nano-treating could 

provide a new method to eliminate all large secondary phases. 

 

Figure 4-11. Percentage of remaining secondary phase. (** p<0.01) 

 

To study the promoted dissolution of the secondary phase, the time required to dissolve a 

certain amount of solutes is described by Equation 4-1, where t is the time; M is the amount of 

secondary phase; A is area; 
𝜕𝐶

𝜕𝑥
 is the concentration gradient of solute atoms, and D is the diffusivity 

of solute. Thus, mathematically, a reduction in M, M/A, and an increase in D can reduce the 

dissolution time. 

𝑡 =
𝑀

𝐴∙
𝜕𝐶

𝜕𝑥
∙𝐷

                                                   (4-1) 
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 Figure 4-12 shows that the as-cast nano-treated high-zinc Al-Zn-Mg-Cu alloy has smaller 

secondary phase domains (~10 µm) while the control sample has significantly larger secondary 

phases. This indicates that nanoparticles reduce the M/A ratio by modifying the secondary phase, 

which helps reduce dissolution time. In Chapter 4.1, the reduction of the overall volume fraction 

of secondary phases was found in the 7075-1NP sample, which is a manifestation of reduced total 

M. However, Figure 4-11 shows the nano-treated high-zinc Al-Zn-Mg-Cu alloy has a slightly 

larger volume fraction of secondary phases. This dilemma will be discussed and explained in 

Chapter 5.4. 

 

Figure 4-12. SEM images of the as-cast samples. a) nano-treated Al-8.6Zn-2.8Mg-1.6Cu sample and b) the control sample 

 

 Another factor related to the dissolution speed is diffusivity. It is well known that the 

diffusivities of solute atoms through different media are different, and their relationship is Dinterface > 

Ddislocation > Dbulk
163. The diffusion through interfaces or grain boundaries is faster than the diffusion 

along dislocations, and the diffusion in bulk is the slowest. As nanoparticles are pushed to the grain 

boundaries to stay with secondary phases, significant nanoparticle-secondary phases interfaces 

exist to facilitate diffusion.  
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4.4 Nanoparticle influence on aging and precipitation 

 Nanoparticles influence not only the solution treatment but also the aging process. After 

solutes are dissolved into the matrix, the alloys are water quenched to obtain supersaturated solid 

solutions. Precipitates form when the alloys are heated again. Uniform precipitates can 

significantly enhance the strength of the alloys. The nucleation of the precipitates is usually related 

to vacancies162,164. Stress corrosion cracking (SCC) has been a long-term issue for high-strength 

Al-Zn-Mg-Cu alloy. The SCC is related to the precipitation free zone (PFZ) close to the grain 

boundaries165, where vacancies are depleted. Here in this section, the nanoparticles' influence on 

the aging process of different Al-Zn-Mg-Cu alloys was studied. The PFZ was determined by TEM 

as well. 

4.4.1 Aging time 

The high-zinc Al-8.6Zn-2.8Mg-1.8Cu alloy discussed in Chapter 4.3 was further used for 

the aging study. After step solution treatment, both the control and nano-treated samples were 

water quenched to get a supersaturated solid solution. The samples were then placed at 120oC in a 

heat treatment oven at different times. Microhardness tests were done to observe the different 

stages of aging. The microhardness vs. aging time curves is presented in Figure 4-13. As discussed 

before, the nano-treated sample dissolved more alloying elements, and thus more precipitates 

could form. At the initial half an hour, the strength of both samples increased dramatically due to 

the formation of GP zones. After that, the hardening became slower and reached a peak at around 

4h. After that, the hardness dropped, attributed to the growth of GP zones. For the nano-treated 

sample, the hardness increased to 233HV in 16 hours when some GP zones transformed into η’ 

phase166. The peak hardness is improved by 10HV with 1 vol.% TiC nanoparticles, which is the 

same as in other Al-TiC nanocomposite experiments167. The nano-treated sample would reach peak 
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hardness earlier than the control sample because nanoparticles facilitate the aging process162. The 

higher hardness indicates a higher strength of the nano-treated sample. However, the above-

facilitated aging is based on a different solution treatment result since more solute elements 

dissolve in the solid solution. When the concentration of the alloying elements is higher, the 

nucleation of GP zones would be easier.  

 

Figure 4-13. Microhardness vs. aging time(Al-8.6Zn-2.8Mg-1.8Cu alloy) 

 

 The case mentioned above shows facilitated aging in artificial aging. Natural aging was 

then studied in aluminum 7005. This alloy has relatively low alloying contents (Al-4.5Zn-1.4Mg), 

and thus the solute elements can be quickly dissolved during solution treatment. The fabrication 

method of the control 7005 alloy and nano-treated 7005 alloys was similar to that of the high-zinc 

Al-8.6Zn-2.8Mg-1.8Cu alloy. The solution treatment was at 450oC for 1 hour. Then the samples 

were air quenched and left in air for natural aging. The microhardness profile during aging was 

presented in Figure 4-14. Generally, the nano-treated sample (black line) has a higher 
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microhardness due to its smaller grain sizes. The nano-treated sample reached its highest 

microhardness after 8 days of natural aging, while the pure AA7005 alloy reached its first peak 

after 10 days’ natural aging. Due to the transformation of GP zones to the η’ phase, the hardness 

drops, and the nano-treated sample also reached the first microhardness valley earlier, as shown in 

Figure 4-14. Therefore, it is believed that nanoparticles also facilitate natural aging.  

 

Figure 4-14. Microhardness vs. aging time (Al-4.5Zn-1.4Mg alloy) 

 

 There are two potential causes to facilitate aging. One is the higher supersaturation caused 

by the better dissolution of secondary phases, and the other is by promoted diffusion of solute 

atoms in the matrix. As shown by the HAADF-STEM images in Figure 4-15, dislocations were 

found close to nanoparticles. For example, in both the Al-6.0Zn-2.8Mg-0.5Cu sample containing 

1.0 vol.% of TiC and the Al-4.6Cu-3.0Mg sample with 1.0 vol.% of TiC, dislocations were 

observed after solutionization and water quenching. These dislocations not only facilitated the 
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diffusion of solute atoms but also became nucleation sites for GP zones168. More details about 

these two samples are discussed in Chapters 6 and 7. 

 

Figure 4-15. HAADF-STEM images of a) Al-6.0Zn-2.8Mg-0.5Cu sample containing 1.0 vol.% of TiC and b) Al-4.6Cu-3.0Mg 

with 1.0 vol.% of TiC, after solutionization and quenching 

 

4.4.2 Precipitate free zone 

 The precipitate free zone (PFZ) of AA7034 alloy and a nano-treated 7034 alloy was 

compared in Figure 4-16. Aluminum alloy 7034 (Al-11.5Zn-3.5Mg-1.5Cu) was fabricated and 

heat-treated for TEM observation. Both control and nano-treated samples contain 1 vol.% TiC 

nanoparticles. The fabrication method was similar to other Al-Zn-Mg-Cu alloys described in the 

previous sections. The PFZ of the nano-treated one is 30 nm wide, while approximately 50 nm 

wide for the pure AA7034. Since the formation of PFZ is related to the depletion of vacancies or 

solute atoms, the decreased PFZ indicates nano-treating induced a more uniform distribution of 

the solute atoms across the grain boundary or less vacancy depletion close to the grain boundary. 

The density of the precipitates was also different. The nano-treated sample shows much denser 
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precipitates than the control one. The higher density of the precipitate attributes to a higher 

supersaturation level of the solutes due to a better dissolution of secondary phases. 

 

Figure 4-16. TEM images of the PFZ zone and precipitates in nano-treated 7034 alloy(left) and AA7034 alloy (right) 

 

4.5 Nanoparticle influence on texture 

 Nanoparticles can affect the microstructure during plastic deformation. The orientation of 

the grains would be influenced. The cast ingot was extruded at 450℃ with an extrusion ratio of 30 

and an extrusion rate of 0.1 mm/s. The texture analysis was performed by a Bruker D8 Advance 

X-ray diffractometer (equipped with Euler ring, Cu Kα (λ=0.1542 nm), 40kV, 40mA). During 

2theta scanning, samples were placed perpendicular to the extrusion direction along the radial 

plane. The Schultz reflection method was applied to get the pole figure. As aluminum alloy 

structure is FCC, (111), (200), and (220) pole figures are measured and presented in Figure 4-17. 

Both the 7034-1NP sample and AA7034 sample exhibit typical fiber texture but the nano-treated 

sample (7034-1NP) has relatively weaker texture, as shown by the texture intensity.  
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Figure 4-17. Measured pole figures of 7034-1NP and AA7034 sample 

 

4.6 Summary 

Nanotreating effects on alloys are studied, and the summary is presented below: 

1. Solidification: During solidification, a nano-treated 7075 alloy starts nucleation of the primary 

phase at a smaller undercooling (higher temperature) due to heterogeneous nucleation. 

Nanoparticles also reduce the final volume fraction of eutectic phases. The nano-treated sample 

has a lower grain coherency point, as it takes longer to form a solid network in the melt. It suggests 

that nanoparticles inhibit both grain growth and dendritic arm growth in the melt. The lower grain 

coherency point is beneficial for preventing casting defects such as hot cracking and shrinkage 

porosity. 
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2. Solute elements: In the Cu-Mg-WC nanocomposite, Mg concentration is higher in the 

nanoparticle-rich regions. This shows that the nanoparticles tend to attract solute atoms from the 

matrix.  

3. Solution treatment: TiC nanoparticles are found to promote the dissolution of secondary phases 

during solution treatment of Al-8.6Zn-2.8Mg-1.8Cu alloy. After a step solution treatment, the 

remaining secondary phase in the nano-treated alloy is 1.12 ± 0.22%, while 2.95 ± 0.31%  for the 

control sample. The facilitated solution treatment is due to refined secondary phases and a 

promoted diffusion caused by diffusion along with the interfaces and dislocations in the nano-

treated sample. 

4. Aging and precipitation: TiC nanoparticles facilitate the artificial aging process in Al-8.6Zn-

2.8Mg-1.8Cu alloy and natural aging in AA7005 alloy. The promoted aging is caused by a higher 

supersaturation of solute atoms and dislocations. In addition, nanoparticles reduce the width of the 

precipitate free zone and increase the precipitation density in AA7034. This is attributed to a better 

supersaturation and a more uniform distribution of solute atoms after quenching. 

5. Texture: TiC nanoparticles reduce the texture intensity in aluminum 7034 alloys. 

Overall, the nano-treating effects can be summarized in Figure 4-18. Briefly, nano-treating 

alters the solidification behavior and promotes solution treatment and aging. Two critical effects 

are summarized according to their functions: “antibody effect” to enable alloys manufacturing by 

eliminating solidification cracks during casting of these difficult-to-cast alloys, promoting solution 

treatment of highly-alloyed metals, promoting aging, and “vitamin effect” to tune alloy 

microstructure and properties.  
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Figure 4-18. Illustration of nano-treating effects 
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Chapter 5 High Strength Al-Zn-Mg-Cu Alloy 

 New clean-energy vehicles have become popular. Aluminum alloys were used increasingly 

to reduce the overall weight of vehicles. High-zinc Al-Zn-Mg-Cu alloys provide the highest 

strength among all aluminum alloys. Zn and Mg are the main strengthening elements, while the 

total amount of Zn, Mg, and Cu determine the strength as they form the precipitates (η and its 

precursor η’)131 for strengthening. To achieve super high strength, higher zinc content is preferred. 

Yang et al. fabricated Al-16Zn-3Mg-1Cu alloy to deliver a strength of 800MPa169. AA7034 alloy 

consists of 11-12% Zn and 2.0-3.0% of Mg is the strongest commercial aluminum alloy with a 

tensile strength of 750 MPa. However, certain drawbacks come with high alloying. First, the high 

alloy content will often cause severe segregation at the grain boundary, resulting in coarse 

secondary phases122,123,169. These secondary phases are difficult to be dissolved during solution 

treatment118,124. Secondly, a higher Zn content makes the alloy prone to hot cracking, porosity, and 

inhomogeneity during solidification4,131. A fast cooling rate (102 - 106 K/s) is often required to 

suppress these issues. For example, AA7034 is usually produced by spray casting, which makes it 

expensive to produce. 

 As discussed in Chapter 4, nano-treating can modify the solidification behavior of the alloy, 

refine the microstructure, and promote the solution treatment. Nano-treating may enable the 

casting of high-zinc aluminum alloys. Here in this chapter, the nano-treated high-zinc aluminum 

alloy was fabricated using the conventional casting method at a slow cooling rate, and high-

strength and reasonable ductility were achieved. A similar two-thermocouple computer-aided 

thermal analysis (CATA) system in Figure 4-2 was applied to record the cooling curve during 

solidification. 
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5.1 Fabrication of nano-treated high zinc Al-Zn-Mg-Cu alloy 

AA7034 alloy containing different volume percentages of TiC nanoparticles were 

fabricated. The nano-treated samples containing 1.0 vol.% and 2.0 vol.% of nanoparticles are 

termed 7034-1NP and 7034-2NP, respectively. The control sample is termed AA7034 here. The 

fabrication of the nano-treated alloys is similar to 7075-1NP samples in Chapter 4.1. Briefly, pure 

aluminum was melted first at 820oC. Then, a certain amount of master nanocomposites containing 

3.2 vol.% of TiC nanoparticles, pure zinc, magnesium, and copper were added to obtain the 

designated composition. Stirring and degassing were applied for 40 mins before the alloy was 

downhill cast in an alumina crucible. The final ingot was a rod with a diameter of 45 mm. The 

temperature of recorded by a CATA system as in Figure 4-2. The temperature recording frequency 

was 10 Hz, and both center and wall temperatures (Tc and Tw respectively) were recorded. The 

cast ingot was homogenized at 450oC for 24h and extruded at 450℃. The extrusion ratio is 30, 

and the extrusion rate is 0.1 mm/s. A control sample of pure AA7034 was also fabricated.  

Pieces of the sample were cut from the center of the ingots and prepared for optical, SEM, 

and TEM characterization. Tensile bars of ASTM standard were cut by wire electrical discharge 

machining (EDM). These tensile bars were solutionized at 480oC for 2 hours, followed by water 

quenching. The aging was done at 120℃ for 16 hours. Microhardness was measured as well. The 

average cooling rate during casting was determined by the ratio of the total solidification 

temperature range over the total solidification time. The volume fraction of secondary phases was 

estimated by the area fraction of secondary phases in the SEM images. ImageJ was used to 

calculate the volume fraction of secondary phases in SEM images. The images were converted to 

black/white images by adding a brightness threshold, and the area fraction of the secondary phases 

were then calculated. Finally, the composition of the samples was tested by a spark emission 
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spectrometer (Spark CCD 7000, NCS). All the above property tests including, tensile, 

microhardness, volume fraction, and composition tests, were done 6 times, and average values are 

presented later in this chapter. 

5.2 Microstructure before and after heat treatment 

The composition of the samples was presented in Table 5-1. The fabricated AA7034 and 

nano-treated 7034-1NP and 7034-2NP samples have similar compositions except for different TiC 

volume fractions. 

Table 5-1. Compositions of the samples 

 Al Zn(wt.%) Mg(wt.%) Cu(wt.%) Ti (wt.%) TiC (vol.%) 

AA7034 Bal. 11.53 ± 0.02 3.31 ± 0.02 1.53 ± 0.01 0.00 ± 0.00 - 

7034-1NP Bal. 11.13 ± 1.11 3.53 ± 0.09 1.45 ± 0.09 1.19 ± 0.13 0.97 ± 0.01 

7034-2NP Bal. 11.35 ± 0.25 3.56 ± 0.05 1.66 ± 0.05 2.41 ± 0.23 2.01 ± 0.02 

 

The optical images were presented in Figure 5-1. TiC nanoparticles act as very effective 

grain refiners10,170. At the slow cooling in this study, the grain size of cast AA7034 is above 500 

µm but reduced to 59.1 ± 4.9 µm and 49.1 ± 7.0 µm after adding 1 vol.% and 2 vol.% of TiC 

nanoparticles, respectively. The large black dots in Figure 5-1c, e are nanoparticle pseudo-clusters 

and secondary phases after etching. White arrows indicate the extrusion direction of these samples 

in Figure 5-1 b, d, f. The nanoparticle pseudo-clusters were extended to parallel black bands along 

the extrusion direction. The bands are wider and denser in the 7034-2NP sample due to a higher 

volume fraction of nanoparticles. Dendritic arms appeared in the as-cast AA7034 sample before 

extrusion, but they disappeared after extrusion. TiC nanoparticles suppressed the dendritic arms as 

they inhibit the grain growth to form equiaxed grains during solidification 6,171. These dendritic 

grains were modified to equiaxed grains by nanoparticles.  
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Figure 5-1. Optical images of fabricated nano-treated 7034 of different nanoparticle volume fractions before and after extrusion. 

Scale bar = 100 µm. Write arrows indicate extrusion direction 

 

SEM images were taken to reveal a more detailed microstructure in the samples before heat 

treatment. As shown in Figure 5-2, without nano-treating, the AA7034 cast sample has severe 

segregation at grain boundaries as thicker eutectic lamellas, mainly the T (Mg (Zn, Cu, Al)2) phase 

was shown in Figure 5-2a, b. The eutectic phases of 7034-1NP and 7034-2NP between the 

equiaxed grains are shown in Figure 5-2d, g. Nanoparticles usually reside with the eutectic phase 

as indicated by the arrows in Figure 5-2e, h, as the solid front pushed nanoparticles during 
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solidification 172. After nano-treating, smooth, connected, and thick secondary phases became 

rugged and divorced to yield a better hot tearing resistance155. After extrusion at 450℃, the 

secondary phases were partially dissolved during hot extrusion. The connected secondary phases 

of the AA7034 sample were broken into segments. The nanoparticle pseudo-clusters in 7034-1NP 

and 7034-2NP samples were elongated as bands as shown in Figure 5-2f, g. The undissolved 

secondary phases can be seen between nanoparticle bands and within the bands in 7034-1NP and 

7034-2NP samples. 

 

Figure 5-2. SEM images of nano-treated alloys and control samples. a, b)AA7034, d, e)7034-1NP, g, h)7034-2NP before 

extrusion. c)AA7034, f)7034-1NP, g)7034-2NPafter extrusion. White arrows indicate nanoparticles 

 

SEM images of the samples after heat treatment were presented in Figure 5-3. Since the 

transformation from T phase to S(Al2CuMg) is difficult when Zinc content is higher than 8 wt.%173, 



104 

` 

here in this work, we mainly focus on T phase dissolution. The dissolution was incomplete in the 

AA7034 samples (Figure 5-3a, b ) and 7034-1NP samples before extrusion (Figure 5-3c). Because 

of recrystallization, the morphologies of AA7034 samples before and after extrusion are similar. 

All secondary phases were dissolved in 7034-2NP samples with or without extrusion, while the 

secondary phases in 7034-1NP dissolved completely only after extrusion. According to Fick’s 

second law, the time needed for a certain amount of solutes (M) to diffuse across a surface area 

(A) can be expressed as174: 

𝑡 =
𝑀

𝐴∙
𝜕𝐶

𝜕𝑥
∙𝐷

 ,                                                                             (5-1) 

in which t is time, ∂C/∂x is the composition gradient, and D is the diffusivity of the solute. 

Therefore, extrusion can help solution treatment because some secondary phases can be dissolved 

during hot extrusion, and the large eutectic phases were deformed and split into smaller thin 

segments (smaller M/A). Furthermore, defects, including dislocations, voids, grain boundaries 

formed during extrusion, would provide highways for solute diffusion (larger D) and promote 

dissolution during solution treatment. Nanoparticles have a positive effect on dissolution as well. 

There were no secondary phases in 7034-2NP samples, as shown in Figure 5-3e, while there were 

some T phases left in the 7034-1NP sample, but the segments were smaller than the remaining 

ones in the AA7034 sample, indicating a smaller M compared to AA7034. The interface of the 

secondary phases was rugged to yield a larger surface area for diffusion. The promoted dissolution 

also benefited from a faster diffusion through boundaries and dislocations as ceramic nanoparticles 

would generate a higher density of dislocations21,162.  
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Figure 5-3. SEM images of samples after heat treatment a) AA7034 without extrusion, b) AA 7034 after extrusion, c) 7034-1NP 

without extrusion, d) 7034-1NP after extrusion, e) 7034-2NP without extrusion, f) 7034-2NP after extrusion 

 

A more detailed observation of the precipitates and precipitate free zone (PFZ) along the 

grain boundaries is done by TEM. In Figure 5-4a, nanoparticle clusters can be found along the 

grain boundary, but no secondary phases remained. However, in Figure 5-4c, undissolved 

secondary phases exist along the grain boundaries. Higher magnification images of 7034-2NP are 

presented in Figure 5-4b. Grain boundary segregation of Zn, Cu, and Mg is indicated by EDS 

mapping on the right, and the corresponding PFZ is approximately 15 nm wide. The 15 nm is very 

narrow comparing to the size of PFZ from other works8,162. The PFZ of AA7034 is different, a 
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solute depletion region of Zn is wide between the remaining secondary phases, and the distribution 

of Mg is uniform in this region. The boundary of the Zn depletion region is not sharp, but the 

composition change of Zn is more gentle. It is also found that precipitates of the nano-treated 

sample are larger than AA7034 showing a precipitation promotion by nanoparticles. Overall, A 

better dissolution of the secondary phases was confirmed in TEM, and a smaller PFZ if found in 

the 7034-2NP sample.  

 

Figure 5-4. TEM images of a) 7034-2NP, b) higher magnification of the grain boundary of the region in a yellow square of 7034-

2NP sample, c) AA7034 samples, d) higher magnification of the grain boundary containing undissolved secondary phase. 

Corresponding EDS mappings of b, d) are on the right 

 

5.3 Mechanical properties 

Mechanical properties of the fabricated samples after heat treatment were tested. The 

microhardness of all samples was about 230HV with or without extrusion, as shown in Figure 5-
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5a, and there is no significant difference among these samples. The microhardness data indicates 

a potential high strength of all 7034 alloys. However, in Figure 5-5b, the tensile testing results 

show that all samples broke at around 300 MPa before the yield except for 7034 alloys modified 

by nanoparticles after extrusion. This is a piece of direct evidence that AA7034 alloys produced 

by conventional casting have low ductility and strength. After nano-treating, cast 7034 alloys did 

not offer good mechanical properties. When both nano-treating and extrusion were applied, the 

ductility of 7034-1NP and 7034-2NP samples rose to 4.1 ± 1.3% and 2.0 ± 0.92%, respectively. 

More detailed mechanical properties were presented in Table 5-2.  

Table 5-2. Mechanical properties of the samples 

Sample UTS (MPa) Yield (MPa) Ductility (%) Microhardness (HV) 

 No 
Extrusion 

After 
extrusion 

No 
Extrusion 

After 
extrusion 

No 
Extrusion 

After 
extrusion 

No 
Extrusion 

After 
extrusion 

AA7034  
154.2 ± 

85.2 
298.7 ± 
107.8 

- - 
0.25 ± 
0.06 

0.53 ± 
0.21 

234.1 ± 
6.0 

239.2 ± 
2.4 

7034-
1NP 

306.2 ± 
89.1 

709.7 ± 
50.4 

- 
680.9 ± 

51.2 
0.44 ± 
0.10 

4.1 ± 1.3 
238.1 ± 

7.3 
229.5 ± 

6.4 

7034-
2NP 

230.9 ± 
103.1 

769.1 ± 
68.3 

- 
754.4 ± 

27.9 
0.32 ± 
0.09 

2.0 ± 0.9 
237.8 ± 

7.4 
231.5 ± 

9.9 

 

The low ductility of samples and control samples before extrusion might be attributed to 

casting inclusions and formed porosity, as shown in Figure 5-6. The ductility of 7034-1NP and 

7034-2NP was still limited because of casting inclusions and oxides as the degassing was done at 

a high temperature (820℃). The SEM images of the fracture surfaces were shown in Figure 5-7. 

The AA7034 sample (Figure 5-7a) after extrusion and heat treatment showed a brittle fracture and 

undissolved T phases fractured during tensile testing. Both 7034-1NP and 7034-2NP samples show 
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ductile dimple fracture mode, but the dimples are not uniform, and there are discontinuities across 

the surfaces. One oxide inclusion is seen in the 7034-1NP sample, and a secondary crack exists. A 

better casting quality control can potentially improve the ductility of the nano-treated samples. 

 

Figure 5-5. a) Microhardness and b)tensile testing results after T6 heat treatment 

 

 

Figure 5-6. SEM pictures of 7034-2NP after heat treatment 
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Figure 5-7. SEM images of fracture surfaces of the samples after extrusion and heat treatment. a) AA7034, b) 7034-1NP, c) 

7034-2NP 

 

5.4 Promotion of solution treatment 

To further investigate the influence of nano-treating on the solidification behavior, the 

cooling curves of the samples during solidification were recorded, and the illustration of the 

recording system is shown in Figure 5-8a. The cooling curves of AA7034, 7034-1NP, and 7034-

2NP were presented in Figure 5-8b. The first derivative of temperature with respect to time (dT/dt) 

was calculated to show phase transformation and heat release156,157. The corresponding solid 

volume fraction(Figure 5-8c) was calculated based on the Newtonian baseline158. The 

solidification process was divided into three stages, as shown in Figure 5-8b, c. Stage 1 indicates 



110 

` 

the nucleation event of α-aluminum where the 7034-2NP sample has the sharpest drop of dT/dt, 

representing rapid heterogeneous nucleation initiated by TiC nanoparticles. In contrast, the initial 

drop in AA7034 was gentle. Stage 2 shows the growth of α-aluminum. Stage 3 indicates the 

nucleation and growth of the eutectic phase. 

The calculated solid volume fraction at different temperatures is shown in Figure 5-8c. 

Nano-treated samples started nucleation of α-aluminum at a smaller undercooling due to 

heterogeneous nucleation, and the 7034-2NP sample had a fast solidification speed at the 

beginning. At stage 3, the volume fraction of the eutectic phase was different though these three 

alloys have similar composition and cooling conditions. The 7034-1NP and 7034-2NP samples 

had a lower volume of eutectic phases (8.6 vol.% and 7.9 vol.% respectively), while AA7034 has 

the highest (11.4 vol.%). The 7034-1NP sample had 24.5% less volume fraction of the eutectic 

phase, while 7034-2NP had 30.8% less than AA7034, showing less segregation in the nano-treated 

samples after casting. The overall cooling rate is low at 0.25 K/s according to cooling curves. The 

deduction of the volume of the secondary phase was confirmed by SEM images, as shown in 

Figure 5-9. These SEM images were converted to black/white images while the white phase 

indicates secondary phases. Therefore, the area fraction of the white phase can be used to estimate 

the volume fraction of the secondary phase. Similarly, the AA7034 sample has the highest area 

fraction of the secondary phase. The 7034-1NP sample has 22.5% less white phase, and the 7034-

2NP sample has 25.4% less. Considering the white phase is a combination of nanoparticles and 

secondary phase, the area fraction of secondary phases was lower than the white area. This result 

matches well with the volume fraction calculated from the cooling curve.  
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Figure 5-8. a) illustration of temperature recording system during solidification; b) cooling curves and the first derivative of the 

cooling curve; c) solid volume fraction vs temperature curve; d) Measured volume fraction of eutectic phase and calculated 

volume of eutectic phase by LSRE 
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Figure 5-9. SEM images and converted black and white colors. The percentage indicates the area fraction in white color 

 

At the final stage of solidification, when the volume fraction of liquid gets low, a coherent 

solid network forms155. When liquid aluminum solidifies, the volume decreases as solid aluminum 

has a larger density. Liquid flow should come from an unsolidified region and compensate for the 

shrinkage. This process will cause macrosegregation along the ingot175. The composition of the 

liquid can be calculated and used to predict the eutectic volume fraction. A modified local solute 

redistribution equation (LSRE)176 was used to calculate the volume of the eutectic phase, and the 

results are presented in Figure 5-8d. The LSRE describes the liquid composition in a small volume 

in the liquid-solid “mushy” region of a solidifying ingot. It is assumed that the solute enters or 
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leaves the element only by liquid flow. The liquid is well mixed and there is little diffusion in the 

solid. The LSRE Equation (5-2) is written below: 

𝑑𝑓𝑠

𝑑𝐶𝐿
=

(1−𝑓𝑠)

𝐶𝐿

(1−𝛽)

(1−𝑘)
(1 −

𝑢𝑛

𝑣𝑇
)                                                    (5-2) 

Here  𝑓𝑠  is solid volume fraction and 𝑓𝑠 + 𝑓𝐿 = 1; 𝐶𝐿  is liquid composition; β is solidification 

shrinkage, and it is written below; k is partition function; 𝑢𝑛  is normal liquid velocity; 𝑣𝑇  is 

isotherm velocity.  Here β is: 

𝛽 =
𝜌𝑆−𝜌𝐿

𝜌𝑆
                                                                                     (5-3) 

𝜌𝑆 and 𝜌𝐿 are solid density and liquid density respectively. For liquid aluminum, 𝜌𝑆 is 2.7 g cm-3 

and 𝜌𝐿 is 2.4 g cm-3. k was estimated from an Al-MgZn2 pseudo phase diagram177, and it is roughly 

0.2. 𝑣𝑇 is the velocity of isotherm and it is measured from the cooling curves. Both temperature in 

the center of the ingot and the temperature close to the wall were recorded to estimate 𝑣𝑇 and it is 

approximately 0.002 m s-1. From Darcy’s law, 𝑢𝑛 is written in Equation (5-4): 

𝑢𝑛 = −
𝐾

µ𝑓𝐿
(𝑝′ + 𝜌𝐿𝑔𝑟)                                                     (5-4) 

Here, K is permeability, µ is the viscosity of the liquid,𝑝 is the pressure of the liquid, 𝜌𝐿 is the 

density of the liquid and 𝑔𝑟 is the acceleration of gravity. At a slow cooling rate, we assume 𝑝′ ≪

𝜌𝐿𝑔𝑟. According to Kozeny–Carman relation178, K can be written in Equation (5-5).  

𝐾 =
𝑓𝐿
3

5𝑆𝑠
2                                                                (5-5) 

Here, 𝑓𝐿 is the volume fraction of the liquid and 𝑆𝑆 is solid-liquid interfacial area per unit volume, 

and it can be estimated from the 2D optical image as: 
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𝑆𝑠 = (4/𝜋)𝐿𝐴                                                              (5-6) 

Here, 𝐿𝐴 is the perimeter of the solid-liquid interface per unit image area. According to the optical 

images, the values of 𝑆𝑠 for AA7034, 7034-1NP and 7034-2NP samples are 2.1×104 m-1, 3.10×104 

m-1 and 3.8×104 m-1 respectively. Therefore, the permeability of the nano-treated sample was 

reduced since they have larger  𝑆𝑆. The effective viscosity179 of the liquid containing nanoparticles 

can be given by:  

𝜇𝑒𝑓𝑓 =
𝜇𝐴𝑙

1−34.87(
𝑑𝑁𝑃

𝑑𝑓
⁄ )−0.3𝑓𝑁𝑃

1.03
                                                (5-7) 

𝜇𝐴𝑙  is the viscosity of liquid aluminum, and its value is 1.0 mPa·s 180. 𝑑𝑁𝑃  is the diameter of 

nanoparticles. 𝑓𝑁𝑃 is the volume fraction of nanoparticles in the liquid. Because nanoparticles were 

all pushed by the solidification front and stay in the liquid, 𝑓𝑁𝑃 could be written as: 

𝑓𝑁𝑃 =
𝑓𝑁𝑃
0

𝑓𝐿
                                                            (5-8) 

where 𝑓𝑁𝑃
0  is the initial volume fraction of nanoparticles. In Equation (5-7), 𝑑𝑓  is equivalent 

diameter of a base fluid molecule, and it could be written as: 

𝑑𝑓 = 0.1(
6𝑀

𝑁𝜋𝜌𝑓0
)1/3                                                       (5-9) 

in which M is the molecular weight of the base fluid, N is the Avogadro number, and 𝜌𝑓0 is the 

mass density of the base fluid calculated at temperature T0 = 293 K. The effective viscosity, 𝜇𝑒𝑓𝑓 

will be increased by nanoparticles. However, when the volume fraction of nanoparticles is low, 

permeability is the key influencing factor. 
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By plugging Equations (5-3, 5-4,5-5, 5-6, 5-7. 5-8. 5-9) into Equation (5-2) with all known 

physical values, the eutectic liquid volume fraction of AA7034, 7034-1NP and 7034-2NP are 

0.105, 0.090, 0.088 respectively. The eutectic volume fraction is 0.0867, calculated by the Scheil 

equation for reference. The lowered eutectic volume fraction was a direct result of reduced normal 

liquid velocity 𝑢𝑛 . Nanoparticles would affect 𝑢𝑛  by changing permeability and viscosity, and 

particularly, in this case, the permeability is reduced.  

As shown in Equation 5-5, the permeability is inversely proportional to 𝑆𝑠, the solid-liquid 

interfacial area per unit volume, but nanoparticles do not always increase 𝑆𝑠. Nanoparticles can 

suppress dendrite arms and refine grain size. Even though smaller grains can increase 𝑆𝑠but by 

eliminating the dendrite arms reduces 𝑆𝑠. Therefore, it is possible that the overall 𝑆𝑠 would be 

reduced, and the final volume fraction of eutectic phases increases, especially when the cooling 

rate is high so that the dendrite arm spacing in the pure alloy is small. A different case that 

nanoparticles increase the volume fraction of eutectic phases was also performed to verify the 

modified model, as shown in Figure 5-10. 

A small amount(30g) of the melt alloys was cast in a steel rod mold to achieve a higher 

cooling rate (4 K/s). The AA7075 sample shows much thin dendritic arms, indicating a much 

smaller permeability. The nano-treated sample, though significantly refined the structure, has a 

larger permeability. The area fraction of white phases in the AA7075 sample was 4.2%, and it 

increased to 5.0% after the addition of nanoparticles. 
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Figure 5-10. SEM images of fast cooled samples and converted black/white images. The percentage in the images is the area 

fraction of white color 

 

5.5 Summary 

The nano-treated AA7034 alloys were successfully cast by down-hill casting at a low 

cooling rate of 0.25 K/s. After extrusion and heat treatment, it showed reasonable ductility and 

high strength. The improved mechanical properties were due to the more complete dissolution of 

secondary phases that were difficult to dissolve for the high alloying AA 7034 alloy. The nano-

treated samples show ductile fracture behavior, while the AA7034 sample has brittle fracture mode. 

The nano-treated cast samples have less segregation and carry fewer, smaller secondary than those 

in AA7034. A modified local solute redistribution equation (LSRE) was applied to calculate the 

volume of the eutectic phase. It shows that nanoparticles can change the volume fraction of the 

eutectic phase by influencing the permeability of the coherent solid network in the final stage of 

solidification and the viscosity of the molten melt. Furthermore, the dissolution of the secondary 
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phases in 7034-1NP and 7034-2NP samples was promoted due to an accelerated diffusion through 

interfaces and dislocations.  
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Chapter 6 Nano-Treating Promoted Natural Aging 

 Many aluminum alloys have been used on aircraft and spaceships due to their high specific 

strengths. Many of these components are colossal parts that large furnaces and quenching tanks 

are required for heat treatment. The manufacturing cost is thus very high. In some occasions like 

arc welding, post heat treatment is not favored as well. For example, it is difficult to conduct heat 

treatment after field welding outside factory. Natural aging is an aging process at room temperature 

without the need of heat-treating furnaces, thus saving energy and reducing manufacturing costs. 

Researchers have demonstrated that alloys after natural aging can achieve comparable properties 

to those after T6 heat treatment181. Despite the benifits of natural aging, natural aging of many 

alloys was not often used in industrial applications because it takes too long to complete. An 

example of Al–4.4Zn–2.0Mg–0.54Mn–0.2Zr alloy shows that its tensile strength continuously 

increased for 10 years during natural aging181. 

It has been demonstrated that both artificial and natural aging can be facilitated by nano-

treating in Chapter 4.4. Here in this chapter, typical Al-Zn-Mg-(Cu) alloys were nano-treated with 

TiC nanoparticles to study the nano-treating effects. Subsequently, the promoted aging was applied 

to arc welding. Since post-weld heat treatment (PWHT) is hard to accomplish in many cases, such 

as field welding or welding of colossal parts, solution treatment was also not desired. Therefore, 

natural aging after casting or welding was applied to these alloys. 

Furthermore, since high quench sensitivity makes solution treatment necessary, the quench 

sensitivity of these alloys with different Cu contents was also studied in this chapter. Cu has a 

strong interaction with vacancies and increases the quench sensitivity of the alloy. At last, AA7075 
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plates were arc welded by specially designed nano-treated welding wires before natural aged for 

40 days to achieve an excellent mechanical property. 

6.1 Fabrication of nano-treated Al-6.0Zn-2.6Mg-xCu alloys 

 The fabrication of the Al-Zn-Mg-Cu alloys is similar to the previous casting experiments. 

Briefly, pure aluminum was melted at 820oC. Pure Zn, Mg, Cu, and master nanocomposite alloy 

containing 3.5 vol.% TiC nanoparticles were added to the melt. Fluxing and degassing were 

applied for 30 mins before the alloys were cast into a rod steel mold. Control samples without 

nanoparticles were also fabricated by the same method but at 750oC. Casting experiments were 

conducted to measure the cooling rate during solidification. One thermal couple was placed in the 

center of the mold to record the cooling curve. The average cooling rate during solidification was 

2.73 K/s. Pieces of the sample were cut from the center of the ingots and prepared for optical, SEM, 

and TEM characterizations. The chemical composition of the samples was determined by a spark 

CCD (Spark CCD 7000, NCS). Tensile bars, according to ASTM standard, was cut by wire EDM. 

To test the quench sensitivity of different samples, samples were solutionized at 473oC for 1.5h 

and quenched in water (40.0 K/s) or cooled in the air (2.21 K/s). The composition and designation 

of the samples are listed in Table 6-1. Briefly, the samples with “-NP” are nano-treated with 1 vol.% 

of TiC nanoparticles. The “A-0Cu” alloys have 0 wt.% of Cu, and the “B-0.5Cu” alloys have 0.5 

wt.% of copper; the “C-1Cu” alloys have 1 wt.% of copper.  

Table 6-1. Sample names and composition (unit. wt.%) 

samples Al Zn  Mg Cu Ti Si Fe TiC vol.% 

A-0Cu Bal. 6.01 ± 0.16 2.48 ± 0.07 0.00 ± 0.00 0.00 ± 0.00 0.04 ± 0.01 0.03 ± 0.01 0.00 ± 0.00 

A-0Cu-NP Bal. 5.97 ± 0.22 2.61 ± 0.10 0.00 ± 0.00 1.17 ± 0.12 0.08 ± 0.01 0.10 ± 0.01 0.86± 0.01 

B-0.5Cu Bal. 6.07 ± 0.16 2.53 ± 0.03 0.52 ± 0.02 0.00 ± 0.00 0.02 ± 0.00 0.04 ± 0.00 0.00 ± 0.00 

B-0.5Cu-NP Bal. 5.93 ± 0.23 2.74 ± 0.09 0.59 ± 0.01 1.24 ± 0.04 0.06 ± 0.00 0.09 ± 0.01 0.91 ± 0.00 

C-1Cu Bal. 6.18 ± 0.15 2.63 ± 0.09 1.11 ± 0.06 0.00 ± 0.00 0.03 ± 0.00 0.03 ± 0.00 0.00 ± 0.00 

B-1Cu-NP Bal. 6.01 ± 0.29 2.49 ± 0.10 1.10 ± 0.05 1.26 ± 0.09 0.07 ± 0.01 0.11 ± 0.01 0.93 ± 0.01 
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The optical images of the fabricated samples are shown in Figure 6-1 with measured 

average grain sizes. The black dots in the optical images in Figure 6-1 a-c are eutectic phases with 

nanoparticles at the grain boundaries. They have small equiaxed grains,  typically between 30–40 

µm, due to the grain refinement effects of the nanoparticles. The difference in Cu composition did 

not influence the grain size. The control samples in Figure 6-1 e-g have large grain sizes, and 

dendric arms exist. Extra Cu forms thinner dendritic arms and smaller grain sizes, as shown in 

Figure 6-1h. Generally, the grain size of the control samples is much larger than the nano-treated 

ones. 

 

Figure 6-1. Optical images of etched nano-treated samples, a) A-0Cu-NP, b) B-0.5Cu-NP, c) C-1Cu-NP, and d) grain sizes. 

Optical images of etched control samples, e) A-0Cu, f) B-0.5Cu, g) C-1Cu, and d) their grain sizes 

 

SEM images of the as-cast and solutionized samples were shown in Figure 6-2. More 

details are revealed by the SEM images. In the as-cast samples, the secondary phases in the nano-

treated samples are at the grain boundaries. In contrast, most of the secondary phases in the control 

samples formed isolated islands where liquid pockets existed between dendritic arms during the 

last stage of the solidification. A higher Cu content causes a higher volume fraction of secondary 
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phases after casting, as shown in Figure 6-2 a, e, i and Figure 6-2 c, g, k. After solution treatment 

at 473oC for 1.5h, most secondary phases were dissolved. Nanoparticle pseudo-clusters are shown 

in Figure 6-2 b, f, g, and some Al3Ti intermetallic phases were inside the grains. There is little 

difference among the three nano-treated samples after solution treatment. While no residue 

secondary phase existed in the control samples of A-0Cu and B-0.5Cu after solutionization, there 

are still a small number of secondary phases left in the C-1Cu sample. An SEM image with a 

higher magnification is presented in Figure 6-3a showing the pseudo-cluster of nanoparticles after 

solution treatment. The measured size distribution of the particles is given in Figure 6-3b. The 

average size of these particles is 110.5 ± 79.0 nm. The average size of these particles is in-situ 

synthesized in the industry with a  larger average size than our previous in-situ fabricated TiC in 

the lab. 

 

Figure 6-2. SEM images of as-cast samples: a) A-0Cu-NP, c) A-0Cu, e) B-0.5-NP, g) B-0.5Cu, i) C-1Cu-NP, k) C-1Cu. 

Corresponding SEM images of samples after solution treatment at 473oC for 1.5h: b) A-0Cu-NP, d) A-0Cu, f) B-0.5-NP, h) B-

0.5Cu, j) C-1Cu-NP, l) C-1Cu 
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Figure 6-3 a) SEM images of remaining TiC nanoparticles after solution treatment from sample A-0Cu-NP; b) nanoparticle size 

distribution 

 

6.2 Natural aging and mechanical properties 

 The samples with different Cu contents were solutionized and either water quenched or air-

cooled. Together with the as-cast samples, these samples were placed at room temperature (25 ± 

5oC) for 44 days. Microhardness was recorded during the natural aging process, and the hardness 

evolution curves are presented in Figure 6-4. There are two peaks accompanied by two valleys in 

each sample. Peak I indicate the clustering of Zn and Mg elements. The formation of GPI zones 

causes peak II. Valley I is caused by the transition of some clusters to GPI zones, and Valley II is 

caused by some GPI zones evolving to GPII zones. Figure 6-4a represents the curves of the nano-

treated B-0.5Cu-NP sample after different processing conditions. Before natural aging (natural 

aged for 0 days), the B-0.5Cu-NP sample after water quenching has the lowest microhardness 

because all secondary phases were dissolved. The sample after air cooling has the highest hardness 

because precipitation happened during cooling. The precipitation speeds of the B-0.5Cu-NP 

samples in Figure 6-4a are similar since the positions of the two peaks and two valleys are similar. 

After 44 days of natural aging, the sample after water quenching and air-cooling show higher 
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microhardness than the cast sample. Similar trends were observed in the B-0.5Cu sample, as shown 

in Figure 6-4b. Still, valley I is not as sharp as the ones in Figure 6-4a because the formation of 

solute clusters and transformation of clusters to GPI zones are happening simultaneously. Valley 

II is at natural aging of 30 days, which is later than valley II (20 days) in the nano-treated sample 

indicating slower precipitation of the control samples. In Figure 6-4c, d, the cast samples of 

different Cu% are compared. The positions of the peaks in nano-treated samples are similar and 

mostly earlier than the same peaks and valleys in the respective control samples, indicating 

facilitated precipitation by nano-treating. 

 

Figure 6-4. a) B-0.5Cu-NP and b) B-0.5Cu sample’s hardness during natural aging after casting, water quenching, and air 

cooling; c) nano-treated samples and d) control samples’ hardness during natural aging after cast. Peak I indicates the 

clustering of solute atoms; Peak II indicate the formation of GPI; Valley I indicate the transition from clustering to GPI zones; 

Valley II indicates the transition from GPI zones to GPII zones 
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The peak hardness during 44 days of natural aging was summarized in Figure 6-5. The 

nano-treated samples have higher microhardness than the control samples because nanoparticles 

promoted precipitation and refined microstructure. The microhardness generally increases with 

more Cu content. The air-cooled sample offers the highest microhardness in the nano-treated 

samples, possibly due to extra precipitation during cooling. The cast one has the lowest 

microhardness since the secondary phases are not fully dissolved. Thus, fewer solutes participate 

in the matrix. The control samples show a similar trend, but the difference between the air-cooled 

sample and the water-quenched one is small. When the copper content is below 1%, the quench 

sensitivity is low182. However, the larger difference in the nano-treated samples shows that 

nanoparticles will increase the quench sensitivity of the alloy.  

 

Figure 6-5. Peak microhardness of all samples during natural aging in 44 days 
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Tensile tests were carried out, and the testing results are shown in Figures 6-6, 6-7, and 6-

8. The stress-strain curves of B-0.5Cu-NP samples natural aged 40 days are shown in Figure 6-6a 

and a comparison of the properties in Figure 6-6b. Similar to the microhardness, the sample after 

air cooling has the highest ultimate tensile strength (UTS). Due to the undissolved secondary 

phases, the cast sample has the lowest UTS, YS (yield strength), and EL (elongation). The property 

changes of the B-0.5Cu-NP sample during aging is presented in Figure 6-7. Longer natural aging 

time results in better UTS and YS. The elongation is similar. The strength improvement from 20 

to 30 days is larger than the improvement from 30 to 40 days, indicating that the strengthening 

from GPI zones is better than solute clusters, but the strengthening from GPI zones and GPII zones 

are similar. The properties of the samples with different Cu weight percentage is shown in Figure 

6-8. Nano-treated samples with higher Cu wt.% have higher UTS, YS, and a slightly lower EL. 

All the control samples broke before yield due to the existence of casting defects. The yield 

strengths of these samples are not measured. 

 

Figure 6-6. a) Tensile testing of the nano-treated B-0.5Cu-NP samples aging for 40 days after casting, water quenching, and air 

cooling. The inserted table contains tensile data. b) Comparison of the corresponding UTS, YS, and EL values of each sample 
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Figure 6-7. a) Tensile testing of the nano-treated B-0.5Cu-NP samples aged 20, 30, and 40 days after casting. The inserted table 

contains tensile data. b) Comparison of the corresponding UTS, YS, and EL values of each sample 

 

 

Figure 6-8. a) Tensile testing of all samples aged for 40 days after casting. The inserted table contains tensile data. b) 

Comparison of the corresponding UTS, YS, and EL values of the nano-treated samples 

 

6.3 Precipitation evolution during natural aging 

 The precipitation was studied by DSC analysis. B-0.5Cu-NP and B-0.5Cu cast samples 

natural aged for different days were heated from 100oC to 300oC at a heating rate of 10K/min. The 

recorded heat flow curves are presented in Figure 6-9. Two peaks were marked in the samples. 

The first peak from 120oC to 160oC indicates the dissolution of GPI zones, and a smaller peak 
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from 180oC to 210oC represents the dissolution of GPII zones183. The peak area represents the 

volume of the corresponding GP zone. Because these peaks have overlapped, a tangent line to both 

ends of Peak II was drawn, and the area between this tangent line and the peak is measured as 

shown in Figure 6-9a. This value is not the absolute value of the GP II volume but effectively 

indicates the difference between different samples. The Peak II areas are presented in the inserted 

tables. The peak II area increases with aging days in both samples, indicating the formation of 

GPII zones during natural aging. Comparatively, the B-0.5Cu-NP sample has a much larger peak 

II area comparing to the B-0.5Cu sample. This means the aging speed is facilitated by nano-treating, 

which is in accordance with the microhardness data.  

 

Figure 6-9. a) Heat flow during heating up the a) B-0.5Cu-NP cast sample and b) B-0.5Cu cast sample with different natural 

aging days. Peak I is an endothermic peak representing GPI zone dissolution. Peak II is an endothermic peak representing GPII 

zone dissolution. The inserted table is the calculated peak II area indicating the volume of GPII zones 

 

6.4 Welding and natural aging of AA7075 plates 

 The previous results have confirmed the promoted natural aging by nano-treating. The next 

step is to study the natural aging of AA7075 after arc welding. The B-0.5Cu-NP was chosen for 

filler material because plates to be welded were commercial AA7075 alloy that contains 1.6% of 

Cu. As a higher Cu content resulted in higher strength, 0.5 % of Cu was chosen to obtain the final 
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composition in weld close to 1.0%. Because nanoparticles have been shown to increase the quench 

sensitivity, Cu percentage above 1.0% was not considered here in this research. The B-0.5Cu was 

used as a control group. The welding wires were cut from the casting ingots by wire EDM, and the 

crosssection of these wires was 1.5 mm × 1.5 mm squares. The surface was polished by grinding 

papers before welding. The welding setup is shown in Figure 6-10a. The welding was conducted 

by fusing 150 × 75 × 3.00 mm AA7075 plates (T6) with v-groove in butt weld. The AA7075 plates 

were clamped onto a Cu backing plate. The welding parameters are presented in Table 6-2, and 

the resulted welds are presented in Figure 6-10b, c. After polishing and etching, base material 

(BM), heat affected zone (HAZ), and welded metal (WM) were examined. 

After natural aging for 40 days, the microhardness across different regions was measured 

and presented in Figure 6-10d. The WM and HAZ sizes are similar in both nano-treated and control 

samples, but the nano-treated sample overall has higher microhardness. The width of the WM is 

about 7 mm, while the width of the HAZ is 16 mm. At the edge of the WM, both samples show 

microhardness peaks, and an elevated Cu composition might cause these peaks due to the mixture 

of the filler with the base material. Similar peaks at the edge of the WM were also observed 

elsewhere184. The microhardness of the nano-treated sample in the WM reaches above 150HV, 

while about 140HV for the control sample. Unfortunately, the lowest strength was in the HAZ in 

both samples. The lowest microhardness of the nano-treated sample is 125 HV while below 110HV 

for the control sample.  The less degraded HAZ is explained by the nanoparticle’s effect on heat 

flow during welding7,185. Nanoparticle allows gradual heat-releasing during solidification due to 

contineous nucleation and grain growth restriction. Moreover, the nanoparticle can increase the 

viscosity and reduce the heat conductivity of the melt. The gradual and reduced heat flow dissolved 

fewer precipitates in the HAZ than the HAZ in the control sample. The chemical composition of 
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the welded metal (WM, in the middle) is tested by a spark CCD and presented in Table 6-3. There 

are 0.76 vol.% of nanoparticles and 0.72 ± 0.01 wt.% of Cu in WM of the nano-treated sample. 

 

Figure 6-10. a) Illustration of the welding set up; b) image of the welded sample by nano-treated filler after grounding and 

etching; c) image of the weld bead before grounding and etching; d) microhardness of different regions of the welded samples 

naturally aged for 40 days 

 

Table 6-2. Welding parameters 

Type of current Constant current 

Current 180 A 

Output frequency 180 Hz 

Balance 85% 

Argon flow rate 18 cc/min 

Start delay 1.5 s 

Electrode gap 2 mm 

 

Table 6-3. Composition of the welding zone 

 Al Zn(wt.%) Mg(wt.%) Cu(wt.%) Ti (wt.%) TiC (vol.%) 

Nano-treated Bal. 5.64 ± 0.13 2.82 ± 0.08 0.79 ± 0.01 1.04 ± 0.04 0.76 ± 0.00 

Control Bal. 5.92 ± 0.13 2.67 ± 0.09 0.72 ± 0.01 0.00 ± 0.00 0.00 ± 0.00 
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The microstructure of the WM was characterized by optical images and SEM. The images 

are shown in Figure 6-11. As shown by the optical images in Figure 6-11a, b, dendritic arms appear 

in the control sample in the WM while these grains are small and equiaxed in the nano-treated one. 

Furthermore, in the SEM images in Figure 6-11c, d, there are much more solidified secondary 

phases in the control sample, and these secondary phases are detrimental to mechanical properties. 

The nanoparticles could change the volume fraction of secondary phases after casting, as discussed 

in Chapters 4.3 and 5.4, and a gradual heat transfer to the base material allows a longer time for 

“solution treatment” during cooling. In addition, the extra dissolved solutes allow a higher 

supersaturated solid solution in the nano-treated sample, which is beneficial to precipitation. 

 

Figure 6-11. Optical images of the weld bead boundary of a) the control sample and b) the nano-treated sample; SEM images of 

the welding zone in the c) control sample, and d) nano-treated sample 
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Tensile bars were cut to test the mechanical properties of the weld. The welded plates were 

natural aged for 40 days before testing. Two tensile testing directions were chosen. One is 

perpendicular to the welding direction, and the other is longitudinal along the welding direction. 

The tensile test results and the tensile bar dimension are shown in Figure 6-12. For the test 

perpendicular to the welding zone, the tensile bar gage length is 30 mm, while the width of HAZ 

from microhardness testing is around 16 mm, and the width of WM is about 7 mm. This means 

the gage is within the HAZ, as shown in Figure 7-14a, and the weakest part in the tensile bar is in 

HAZ. After testing, the tensile bars of the nano-treated samples broke in the HAZ, but the control 

samples' tensile bars broke either in the WM or in the HAZ. Even though the microhardness of the 

WM is higher than in HAZ in the control sample, solidification shrinkage porosity in the welding 

zone made the region very weak. Similar failure is not observed in the nano-treated sample as 

nano-treating eliminates the solidification defects as discussed in the previous chapters. The stress-

strain curves are presented in Figure 6-12a. The nano-treated welding sample shows greatly 

improved UTS, YS, and ductility. Its tensile strength is 428.8 ± 15.07 MPa which is approximately 

77% of the base material strength. The total elongation is 2.03 ± 0.15%.  

 Testing results along the welding zone are shown in Figure 6-12b. The nano-treated sample 

has a tensile strength of 441.9 ± 21.0 MPa, yield strength of 350.2 ± 13.9 MPa, and a ductility of 

1.67 ± 0.12%. All these properties outperform the control sample. The nano-teated sample 

recovered 80% of the strength of the base material after arc welding. However, the ductility of the 

weld is limited because some bubbles are generated during welding, possibly due to non-ideal 

welding conditions. 

The tensile properties of the nano-treated sample (perpendicular to WM) after natural aging 

are compared with other welded high-strength aluminum alloys, as shown in Figure 6-13. The 
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nano-treated sample after natural aging has the second-highest tensile properties only behind the 

nano-treated sample after T6 heat treatment7. Thus, the nano-treating filler wire has shown great 

potential for welding AA7075 for field welding and large parts without post-weld heat treatment.  

 

Figure 6-12. Figure x. Tensile testing of the samples aged for 40 days after welding. The inserted table contains tensile data. a)  

Testing direction perpendicular to welding zone; b) Testing along welding zone. The dimension of the cut tensile bar is above the 

table, and both welding zone and heat affected zones are marked 

 

 

Figure 6-13. Mechanical strength of the welded high strength aluminum alloys: 2219 welded by 2319 filler wire, T85186, 8090 

welded by ER5356 filler wire, T6187, 7075 welded by ER5356 filler wire and GTAW, T6184, 7075 welded by ER5356 filler wire, 

and MIEA, T6184, 7017 by ER5356 filler wire, T7187, 2024 welded by 2024 filler wire, natural aging188, 7075 welded by nano-

treated 7075, T67, 7075 welded by 7075 filler wire, T67 and our welding results perpendicular to the welding direction after 

natural aging 
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6.5 Summary 

Nano-treated Al-6.0Zn-2.6Mg-xCu samples containing different Cu contents have been 

fabricated and studied. The nano-treated samples have a refined microstructure, and the growth of 

the dendritic arms was inhibited. After the samples were natural aged for 44 days, the results 

suggest that nano-treating facilitated natural aging on these samples. Microhardness evolution 

curves and DSC analysis validated that the formation of GPII zones was faster in the nano-treated 

samples than the control ones. 

 Arc welding of commercial AA7075 aluminum plates was performed with both the nano-

treated filler (B-0.5Cu-NP) wire and the control wire (B-0.5Cu). The nano-treated wire resulted in 

less secondary phase and refined grain in WM after welding. The microhardness in WM was higher 

than the one in the HAZ. The tensile testing shows that the nano-treated wire provides much better 

strength, yield, and ductility in both directions in the welded samples. The tensile strength 

perpendicular to the welding direction is 428.8 ± 15.07 MPa, approximately 77% of the base 

material strength, yield strength is 338.7 ± 18.2 MPa, and elongation is 2.03 ± 0.15%. after natural 

aging of 44 days. Compared to other arc-welded high-strength aluminum, the nano-treated filler 

provides the highest strength without PWHT and the second-highest strength only behind the 

welded sample with T6 after welding with nano-treated filler wire.  
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Chapter 7 Nano-Treating Enabled High Strength Al-Cu-Mg Alloy 

AA2024 alloy (mainly 3.8 - 4.9%Cu, 1.2 -1.8%Mg, 0.3 -0.9%Mn) is one of the strongest 

2000 series aluminum alloys widely used in the automotive and aerospace industries. Its tensile 

strength reaches 470 MPa at room temperature after heat treatment because it contains a relatively 

high amount of alloying elements for precipitation. Despite its good strength, this alloy is prone to 

hot cracking, shrinkage porosity, and macrosegregation during its final stage of solidification160. 

AA2024 is thus categorized as a wrought aluminum alloy for sheets, plates, and tubes, etc. Its cast 

form has limited mechanical properties due to the above-mentioned solidification defects. It would 

be significant if this alloy can be cast into complex shapes with high performance for industrial 

applications. As discussed earlier, nano-treating can modify the solidification behavior of alloys, 

such as reducing hot cracking susceptibility by grain refinement and postponed GCP. Thus, nano-

treating could potentially make these conventional wrought alloys applicable into shape cast forms. 

Moreover, the alloy strength can hardly be increased by extra alloying content because of the 

limited solubility of Cu and Mg during solutionizing. Nano-treating is kinetically beneficial to 

secondary dissolution phases during solution treatment, but it was considered not possible to break 

the solubility limit of elements in solid solution. 

 Here in this chapter, nano-treated Al-4.6Cu-xMg-0.3Mn (x = 1.5, 2.0, 3.0, and 4.0) alloys 

were fabricated, and the mechanical properties of the cast tensile bars were tested. The alloys are 

designed to have compositions similar to standard AA2024, but a higher content of Mg was used 

to study how nano-treating would affect solubility limit of Cu and Mg in the alloys. 
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7.1 Fabrication of nano-treated Al-4.6Cu-xMg-0.3Mn alloys 

Preparation of the Al-4.6Cu-xMg-0.3Mn alloys was similar to previous experiments but at 

a larger scale. Briefly, 10kg pure aluminum was melted in a large graphite crucible at 820oC before 

5kg of Al master nanocomposite with about 3.5 vol.% of TiC nanoparticles was added later. A 

certain amount of pure Cu, Mg, and Mn were added afterward. The designed volume fraction of 

the nanoparticles is to be 1.0 vol.%. Mechanical stirring at 60 RPM was applied for 10 mins for 

homogenization. Next, degassing with argon was applied for 20 mins, and the melt was left still 

for 10 mins after degassing. The fabricated alloy was then cast in a standard tensile bar mold with 

a dimension shown in Figure 7-1. The mold was designed according to the ASTM B108 standard 

and the detailed geometry of the tensile bar is shown in Figure 7-1b. The region marked in blue 

was cut for characterization. Control samples without nanoparticles were fabricated as well. 

  

Figure 7-1. a) Image of a casted sample. b) Illustration of the tensile bar geometry 
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Optical observation and SEM were used for the microstructure study. The composition of 

the alloys was determined by a Spark CCD. DSC measured the latent heat release during heating. 

The chemical compositions of the samples are shown in Table 7-1. The compositions of the 

samples denoted as control samples (A-1.5Mg, B-2Mg, C-3Mg, and D-4Mg) and nano-treated 

ones (A-1.5Mg-NP, B-2Mg-NP, C-3Mg-NP, and D-4Mg-NP) are shown in the table. The Cu and 

Mn weight percentages are similar in these samples. However, the volume fraction of nanoparticles 

is less than designed because some nanoparticles were removed during fluxing and degassing. 

Table 7-1. Compositions of the samples 

samples Al(wt.%) Cu(wt.%) Mg(wt.%) Mn(wt.%) Ti(wt.%) Si(wt.%) Fe(wt.%) TiC vol.% 

A-1.5Mg Bal. 4.47 ± 0.01 1.49 ± 0.01 0.32 ± 0.00  0.00 ± 0.00  0.04 ± 0.00  0.72 ± 0.00  0.00 ± 0.00  

A-1.5Mg-
NP 

Bal. 4.70 ± 0.10 1.58 ± 0.01 0.38 ± 0.00  0.97 ± 0.08 0.08 ± 0.01  0.29 ± 0.05 0.71 ± 0.05  

B-2Mg Bal. 4.79 ± 0.63 2.17 ± 0.32 0.31 ± 0.00 0.00 ± 0.00 0.07 ± 0.01  0.09 ± 0.01 0.00 ± 0.00 

B-2Mg-NP Bal. 4.67 ± 0.05 2.10 ± 0.07 0.35 ± 0.01 0.84 ± 0.02 0.07 ± 0.00  0.12 ± 0.01 0.62 ± 0.01 

C-3Mg Bal. 4.64 ± 0.12 3.03 ± 0.03 0.32 ± 0.00 0.00 ± 0.00 0.06 ± 0.00 0.09 ± 0.00 0.00 ± 0.00 

C-3Mg-NP Bal. 4.80 ± 0.16 2.95 ± 0.09 0.40 ± 0.01 1.21 ± 0.03 0.11 ± 0.01 0.27 ± 0.01 0.89 ± 0.02 

D-4Mg Bal. 4.66 ± 0.11 3.82 ± 0.05  0.34 ± 0.00  0.00 ± 0.00  0.05 ± 0.00  0.07 ± 0.00  0.00 ± 0.00  

D-4Mg-NP Bal. 4.76 ± 0.08  3.92 ± 0.06  0.37 ± 0.04  0.85 ± 0.04  0.07 ± 0.00  0.17 ± 0.01  0.62 ± 0.03  

 

7.2 Microstructure analysis 

 The cast tensile bars were cut in the middle for characterization, as shown in Figure 7-1. 

The optical images of the samples are shown in Figure 7-2. The shrinkage porosities existed in 

control samples, as shown in Figure 7-2b. Due to chemical etching, the porosity is not very clear 

in the optical images. Thus, an inserted SEM image was provided to show the shrinkage porosities. 

The casting defects are typical for AA2024 because of inadequate inter-dendritic feeding of molten 

metal during the final stage of the solidification in the mushy zone160. As shown in Figure 7-2a-d, 
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dendritic arms grew to tens of microns during solidification, and shrinkage porosities were formed 

in the tips of the dendritic arms. However, there are few porosities in the nano-treated samples and 

the A-1.5Mg sample. The nano-treated samples have much smaller grains. For example, the 

average grain size of the B-2Mg sample is 418.8 ± 164.5 µm but reduces to 65.8 ± 4.5 µm by nano-

treating in the B-2Mg-NP sample. As discussed in Chapter 4.12, nano-treating can refine the grain 

size and reduce the GCP of the alloy, thus enhancing the liquid feeding in the final stage of the 

solidification and preventing hot cracking and shrinkage porosity. 

 

Figure 7-2 optical images of the as-cast samples: a) A-1.5Mg, b) B-2Mg, c) C-3Mg, d) D-4Mg, e) A-1.5Mg-NP, f) B-2Mg-NP, g) 

C-3Mg-NP, h) D-4Mg-NP The inserted image is an SEM image showing the shrinkage porosity 

 

 The SEM images are shown in Figure 7-3. The gray secondary phases in the SEM images 

are the S phase (Al2CuMg). Nano-treated samples show refined equiaxed grains, while the control 

samples have long dendritic arms. Nanoparticles are mainly located at the grain boundaries and 

within the eutectic region, as shown in Figure 7-4. 
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Figure 7-3. SEM images of the as-cast samples: a) A-1.5Mg, b) B-2Mg, c) C-3Mg, d) D-4Mg, e) A-1.5Mg-NP, f) B-2Mg-NP, g) 

C-3Mg-NP, h) D-4Mg-NP 

 

 

Figure 7-4. a) Typical eutectic phase in B-3Mg-NP sample with nanoparticles, b) EDS mapping of Ti corresponding to a) 

 

 The composition of the A-1.5Mg sample is designed to represent the standard AA2024. 

Therefore solution temperature of A-1.5Mg and A-1.5Mg-NP is similar to AA2024(495 ± 3oC189). 

To determine suitable solutionizing temperatures for other non-standard alloys, DSC analysis was 

conducted. Approximately 15 mg of sample was heated to 550oC at a heating rate of 10 K/min. 

The results are shown in Figure 7-5.  
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Figure 7-5. DSC analysis of the Al-Cu-xMg alloys during heating up 

 

The peaks indicate the melting of the eutectic phase in the alloy. The start of the melting 

of all samples is about 498oC. It seems that the extra Mg did not reduce the solidus point much. 

To ensure a better dissolution of the secondary phase (S phase), all samples were first solutionized 

at 488oC for 24h and then 494oC for 6h. However, due to the extra amount of Mg above 1.8%, the 

solubility of S phase was greatly reduced131. The SEM images in different contrasts for the C-3Mg 

and C-3Mg-NP samples after solution treatment are shown in Figure 7-6a. The images are used to 

calculate the area fraction of the remaining secondary phases of each sample. The initial area 

fractions of the secondary phases in the C-3Mg sample and C-3Mg-NP sample are 9.14% and 

12.72%, respectively, and the area fractions dropped to 6.07 % and 5.70%. Therefore, the 

secondary phase dissolution is 33.6% without nanoparticles while 55.2% with nanoparticles. Since 

approximately 1 vol.% of nanoparticles were added, the actual reduction of the secondary phase 

area is approximately 65.6% (from 10.7% to 3.7%) because every one volume percent of 
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nanoparticles takes approximately two percent of the area fraction. This promoted dissolution was 

discovered in all samples, as shown in Figure 7-6b. The nano-treated samples have a much higher 

area reduction comparing to the control samples. However, with a higher Mg content, the area 

reduction lowers in both samples. 

 

Figure 7-6. a) Calculated area fraction of the secondary phases of C-3Mg and C-3Mg-NP samples before and after solution 

treatment. The corresponding SEM images and converted black and white images are on the top. The scale bar is 50 µm. The 

brown bars indicate the area fraction occupied by nanoparticles. b) Area reduction of secondary phase in all samples 

 

EDS mapping was applied to determine the undissolved secondary phases and solute 

concentration in the matrix. As shown in Figure 7-7, the C-3Mg sample has a considerable amount 

of secondary phases left after solution treatment, and the remaining phases are determined to be 

Al2Cu and S phases. On the contrary, the remaining secondary phases in the C-3Mg-NP sample 

are the S phase and Al18Mn3Ti2
190

, and the remaining S phase is in much smaller sizes. The 

Al18Mn3Ti2 is likely from Al3Ti in the Al-3.5TiC master alloy. The nanoparticles are located 

mainly along the grain boundaries and within the S phase. Due to a better dissolution, the Al2Cu 

phase was not observed in the nano-treated sample. The concentration of the solute atoms in the 
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matrix was measured by EDS mapping in the region marked by yellow squares in Figure 7-7a, d, 

and the weight percentages of Cu and Mg in the matrix are also shown.  

 

Figure 7-7. a) SEM image of C-3Mg after solution treatment; b, c) EDS mapping of Mg and Cu in a); d) SEM image of C-3Mg-

NP; e, f) EDS mapping of Mg and Cu in d); EDS mapping applied to the region in the yellow squares in a, d) to determine the 

Mg and Cu composition in the matrix. In addition, weight percentages of the two elements are provided 

 

In Figure 7-8, solute concentrations in all samples are summarized. All four nano-treated 

samples confirm higher Mg and Cu contents in the matrix than the control ones. When more Mg 

was added, the dissolution of Cu is significantly suppressed in the control sample. On the other 

hand, the dissolution suppression in the nano-treated sample was relieved when Mg was no more 

than 3%. In the earlier section 4.3, it was discovered that nanoparticles could promote the 

dissolution of secondary phases. However, a different mechanism may exist for the Al-Cu-xMg 

alloy in this case. Mg content normally limits the solubility of Cu because it can form an 

intermetallic S phase. As shown in Figure 2-23, the solubility of Cu at 775K is less than 3% when 

3% of Mg is added to the solution. Therefore, the dissolution of Cu in the C-3Mg-NP sample not 

only surpasses the control sample but also broke the thermodynamic limit. Similarly, the A-1.5Mg-
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NP and B-2Mg-NP samples are also above the solubility limit at the solution treatment temperature 

of 494oC. However, with 4% Mg added, both nano-treated and control samples fell below the 

solubility limit again. 

 

Figure 7-8. Summarized Mg and Cu composition in the solid solution after solution treatment. The dashed line is the solubility 

limit at 494oC according to the phase diagram from literature131 

 

To further understand the dissolution thermodynamics of the nano-treated alloys, the Gibbs 

free energy was analyzed. As shown in Figure 7-9, in a simple binary phase system with A and B 

as the two elements (Figure 7-9a), their phases are α and β, as shown in Figure 7-9b, c with some 

nanoparticles inside the β phase. After a partial dissolution of the β phase, some nanoparticles now 

reside inside the α phase. During this process, the overall interfacial energy change can be 

described by Equation (7-1): 

𝑑𝐺𝛾 = (𝛾𝑁𝑃−𝛼 − 𝛾𝑁𝑃−𝛽)𝑑𝐴                                                      (7-1) 
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Here 𝛾𝑁𝑃−𝛼 is the interfacial energy between nanoparticles and α phase; 𝛾𝑁𝑃−𝛽 is the interfacial 

energy between nanoparticles and β phase; 𝑑𝐴 is the replaced area. 

 

Figure 7-9. a) Simple binary eutectic phase diagram. b, c) Illustration of the dissolution process in a binary α-β system. 

Nanoparticles are within the β phase. After partial melting, some nanoparticles become in the α phase 

 

 To calculate the solubility of B during solution treatment, partial Gibbs free energy is 

written in Equation (7-2): 

𝑑𝐺 = 𝑑𝐺𝛼 + 𝑑𝐺𝛽 = (𝜇𝐴
𝛼 − 𝜇𝐴

𝛽
)𝑑𝑛𝐴

𝛼 + (𝜇𝐵
𝛼 − 𝜇𝐵

𝛽
)𝑑𝑛𝐵

𝛼 + (𝛾𝑁𝑃−𝛼 − 𝛾𝑁𝑃−𝛽)𝑑𝐴    (7-2) 

Where 𝑑𝐺𝛼  and 𝑑𝐺𝛽  are Gibbs energy change in α and β phases, respectively; 𝜇𝐴
𝛼  and 𝜇𝐴

𝛽
 are 

chemical potential of A in α and β phases, respectively; 𝜇𝐵
𝛼 and 𝜇𝐵

𝛽
 are chemical potential of B in 

α and β phases respectively; 𝑑𝑛𝐴
𝛼  and 𝑑𝑛𝐵

𝛼 are partial molar of A and B in the α phase.  

When β is an intermetallic phase that the solubility of A in β is zero, 𝑑𝑛𝐴
𝛼 is zero. Also, 𝑑𝐴 

depends on 𝑑𝑛𝐵
𝛼: 

𝑑𝐴 = 𝐶𝑑𝑛𝐵
𝛼                                                          (7-3) 

Here C is the total area of nanoparticles in one mole β phase, and it is a constant.  
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When there are no nanoparticles, the chemical potentials of B in α and β phases are the 

same: 

𝜇𝐵
𝛼∗ = 𝜇𝐵

𝛽∗
= 𝜇𝛼 + 𝑅𝑇𝑙𝑛𝑋𝐵

𝛼∗                                             (7-4) 

Here 𝜇𝐵
𝛼∗ and 𝜇𝐵

𝛽∗
 are the chemical potentials of B in α and β phases without nanoparticles; 𝜇𝛼 is 

𝜇𝛼the mole Gibbs free energy of pure𝛽; 𝑋𝐵
𝛼∗ is the solubility of 𝐵 in 𝛼 at temperature T without 

nanoparticles. R is the ideal gas constant.  

Combining the above equations, the solubility can be calculated as: 

𝑋𝐵
𝛼 = 𝑋𝐵

𝛼∗exp(
(𝛾𝑁𝑃−𝛽−𝛾𝑁𝑃−𝛼)𝐶

𝑅𝑇
)                                         (7-5) 

Theoretically, the solubility 𝑋𝐵
𝛼  can be increased when 𝛾𝑁𝑃−𝛽 − 𝛾𝑁𝑃−𝛼  > 0. The above 

equation could be applied to the Al-Cu-Mg-TiC system. To determine the solubility of Cu, the 

dissolution of Mg is assumed to be complete. The solution temperature was 494oC, and 1 vol.% of 

nanoparticles were added to the alloy. Another assumption made here is that all TiC nanoparticles 

are within S phases after casting, and they are all spherical particles with a diameter of 100 nm so 

that constant C, the total area of nanoparticles in one mole S phase, can be acquired. C is 2.4 × 104 

m2/mol in this case. 

As there is no available data for  𝛾𝑇𝑖𝐶−𝐴𝑙2𝐶𝑢𝑀𝑔 in this system, the theoretical solubility 

increases vs. (𝛾𝑇𝑖𝐶−𝐴𝑙2𝐶𝑢𝑀𝑔 - 𝛾𝑇𝑖𝐶−𝐴𝑙) curve is shown in Figure 7-10. With 0.2 J/m-2 interfacial 

energy difference, the solubility of Cu in Al could be doubled indicating that nanoparticle has a 

great potential to increase the solubility of the Cu in aluminum. The interfacial energy between 

TiC and aluminum, 𝛾𝑇𝑖𝐶−𝐴𝑙 was studied by density functional theory191. Due to the polar covalent 
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interaction between Al and C and their similar crystal structures and parameters, the work of 

adhesion is about 2.63 J/m2 between [001]Al and [001]Ti
191

. Thus, the interfacial energy is -0.05 

J/m2. While there is no available data for the interfacial energy between Al2CuMg and TiC, the 

interfacial energy could be estimated by interface coherency. The coherent interface between two 

solids is smaller than 200 mJ/m2, and the energy is between 200 mJ/m2 to 500 mJ/m2 when the 

interface is semi-coherent. The interfacial energy will be above 500 mJ/m2 when it is incoherent192. 

TiC has an FCC structure and its lattice parameter a is 4.33 Å. The S phase has an orthorhombic 

lattice with three lattice parameters: a = 4.03 Å, b = 9.34 Å, c = 7.13 Å193. Due to the huge 

difference in lattice structure and lattice mismatch, no matter which TiC facet is parallel to [001]s, 

there will always be 2/3 incoherent surfaces. Thus, the estimated 𝛾𝑇𝑖𝐶−𝐴𝑙2𝐶𝑢𝑀𝑔 would be larger 

than (0.5 + 0.5 +0.2)*2/3 = 0.4 J/m2. Even though this estimation is coarse, it illustrates a large 

enough difference in average interfacial energy between 𝛾𝑇𝑖𝐶−𝐴𝑙2𝐶𝑢𝑀𝑔  and  𝛾𝑇𝑖𝐶−𝐴𝑙  to greatly 

improve the solubility of Cu in Al. The calculated solubility promotion is greater than acquired 

data in Figure 7-8 because the assumption that all nanoparticles are within the S phase is not 

accurate. As shown in Figure 7-4, many nanoparticles are partially in contact with the S phases 

and thus the total area of nanoparticles in one mole S phase is lower and the interfacial energy 

reduction is less. 
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Figure 7-10. Calculated. 𝑋𝐵
𝛼/𝑋𝐵

𝛼∗ vs 𝛾𝑁𝑃−𝛽 − 𝛾𝑁𝑃−𝛼 in the Al-Cu-Mg-TiC system 

 

However, this calculation is only valid when nanoparticles always stay with the S phase to 

increase overall free energy. In reality, supersaturated Cu would easily precipitate in regions away 

from nanoparticles to keep the Cu chemical potential in different phases at equilibrium. Here in 

this Al-Cu-Mg system, T phase precipitation will continuously consume Cu until all Mn is used.  

The S phase dissolution is illustrated in Figure 7-11. The SEM image of the B-3Mg-NP 

sample after solution treatment at 488oC for 4 hours is shown in Figure 7-11a. The S phases are 

partially dissolved at this time. Some nanoparticles located inside the S phase are now located 

outside the matrix but close to the S phase, possibly due to S phase partial dissolution. During this 

time, the rod shape T phase (Al20Cu2Mn3) precipitates are observed in the matrix in Figure 7-11b. 

The dissolution of the S phase and the precipitation of the T phase occur at the same time. Figure 

7-11c illustrates the dissolution process. Cu dissolves into the matrix and precipitates into the T 

phase during solutionization. After solutionization, the overall nanoparticle/S phase interface area 
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would be less. Figure 7-11d, e, f show how the dissolution of the S phase occurs from Figure 7-

11a. The dissolution is faster in the nanoparticle-rich region like the bottom side of the S phase, 

while the dissolution process is slow on the up-right corner of this S phase because of fewer 

nanoparticles. 

 

Figure 7-11. a) SEM image of the B-3Mg-NP sample solution treated at 488oC for 4 hours showing a partially dissolved S phase 

with nanoparticles. b) SEM image of the rod T phase precipitates observed in the yellow square in a). c) Illustration of the 

dissolution process. T phase precipitates when the S phase dissolves. Nanoparticles originally in the S phase are in the aluminum 

matrix during the dissolution of the S phase. d, e, f) Illustration of dissolution process that dissolution is fast in nanoparticle rich 

region. Figure f is a cartoon illustration of Figure a) 

 

7.4 Promoted precipitation  

The precipitation was studied by HAADF-STEM. The samples were first grounded to 100 

µm thick and then electro-polished at 15 V by a twinjet unit (Struers TenuPol) with an electrolyte 

of 20% nitric acid in methanol at -20 oC. The samples were then examined by an FEI Talos F200X 

STEM equipped with a quad-detector EDS system at an accelerating voltage of 200kV. 
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The HAADF-STEM images of the control C-3Mg sample are shown in Figure 7-12. The 

observation direction is [112]Al as shown in the bottom-right corner of Figure 7-12a with an 

inserted SAED pattern on top-right. Two different types of precipitates can be seen in Figure 7-

12a, b. The rod shape precipitate is the T phase (Al20Cu2Mn3)
194. The rod axis elongation direction 

of these T phases is along <100>Al in Figure 7-12 a,b, which was reported by others195. The EDS 

line scanning and mapping results in Figure 7-12c-f show the Mn and Cu peaks in these precipitates. 

The other precipitate is the S’ phase. The S’ precipitates are small lath, and its orientation is 

determined as [1
_

00]Al//[100]S’, [021
_

]Al//[010]S’, [012]Al//[001]S 
196. It has a habit plane of {120}Al 

and elongates along direction <100>Al 
196. The S’ elongation direction is along <100>Al as 

described in the literature. However, these precipitates are not randomly located in the matrix but 

form precipitates-bands close to T phase precipitates. The band shape is very similar to dislocations 

especially screw dislocations marked by the white dash line in Figure 7-12a. This is possible 

because the T phase formed during solution treatment and dislocations are generated close to T 

phase precipitates during water queching168,195. These dislocations become nucleations sites for S’ 

phase precipitation. The STEM image (Figure 7-13) of C-3Mg sample after solution treatment and 

water quenching confirms that the distribution of dislocations is very similar to these precipitates-

bands. 
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Figure 7-12. a) HAADF-STEM image of the C-3Mg sample after T6 showing different precipitates. The top-right inserted image 

is the diffraction pattern. The bottom-right illustration is the crystal orientation of the observed region. Screw-dislocation-like 

precipitate-bands are marked by white dash lines. b) Bright-field image of a region in the yellow square in a). The long arrow is 

the line scanning of Cu, Mg, Mn elements. c) Line scanning results. d, e, f) elemental mapping of Mg, Mn, and Cu of image b) 

 

Figure 7-13. HAADF-STEM image of the C-3Mg image after solution treatment and quenching. Dislocations observed around T 

phases 
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The HAADF-STEM images of the nano-treated C-3Mg-NP sample are shown in Figure 7-

14. The observation direction is [112]Al, but the [100] direction is different, as shown by the SAED 

pattern on the top-right corner and the illustration of the crystal orientation in the bottom-right 

corner of Figure 7-13a. A grain boundary was marked by a red dash line. Compared to the control 

sample, much denser and finer S’ precipitates appear in Figure 7-14b. Moreover, the S’ precipitates 

are more uniformly distributed in the matrix. A similar S’ precipitate band exists near edge 

dislocations marked by a white dash line in Figure 7-14b. Generally, the uniformly distributed S’ 

precipitates have a larger size (about 500 nm in length), while the S’ precipitates along dislocations 

are smaller (about 200 nm in length). TiC nanoparticles are observed along the grain boundary in 

Figure 7-14c, and corresponding EDS mapping is shown in Figure 7-14 d-f. The bottom-right 

corner has a stronger Mn and Cu signal because the sample is thicker in that region. As the viewing 

of dislocation-related S’ precipitates and T phase is blocked by the dense S’ precipitates in this 

direction, an image with a tilted angle was presented in Figure 7-15, showing a better contrast for 

the dislocation-related S’ precipitate bands and T phase precipitates. The difference between the 

nano-treated and the control samples is mainly the density of the small S’ precipitates in the matrix. 
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Figure 7-14. a) HAADF-STEM image of the C-3Mg-NP sample after T6 showing different precipitates. The top-right inserted 

image is the diffraction pattern. The bottom-right illustration is the crystal orientation of the observed region. The red dash curve 

is a grain boundary. b, c) Bright-field images of the regions in the yellow square in a) showing dense S’ precipitates and NPs 

along the grain boundary. A white dash curve marks one edge dislocation. d, e, f) Elemental mapping of Mn, Cu, and Ti of image 

c) 

 

Figure 7-15. HAADF-STEM image of the B-3Mg-NP sample after T6 showing different precipitates and dislocations 
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7.5 Mechanical properties 

The mechanical properties of the samples after T6 heat treatment were tested and presented 

in Figure 7-16. In the control samples, a higher Mg content from 1.5 wt.% to 2 wt.% increases the 

microhardness from 142.1 ± 5.4 HV to 146.1 ± 3.8 HV. However, when Mg content increases to 

3 and 4 wt.%, the hardness dropped to 133.2 ± 4.6 HV and 131.1 ± 4.5 HV. In the nano-treated 

samples, the highest microhardness of 163.9 ± 10.2 HV was found in the C-3Mg-NP sample, but 

the hardness decreased quickly to 135.7 ± 6.4 HV when Mg is 4 wt.%. The tensile testing results 

also showed a similar trend, as shown in Figure 7-16b, c. The cast C-3Mg-NP sample after T6 has 

the best properties among nano-treated ones with a UTS of 451.3 ± 1.1MPa, a YS of 356.4 ± 5.9 

MPa, and ductility of 4.11 ± 0.28%. The B-2Mg sample has the best mechanical properties among 

all control samples. Generally, all nano-treated samples have better UTS, YS, and elongation than 

their control samples. These results match well with the solubility enhancement in Figure 7-8. 

More dissolved solute elements result in better mechanical properties. The promotion of 

dissolution is attributed to denser S’ precipitates and fewer remaining coarse secondary phases.  
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Figure 7-16. a) Microhardness of the samples after T6 heat treatment; b) Stress-strain curves of the nano-treated samples after 

T6. C) Stress-strain curves of the control samples after T.  Inserted table contains tensile testing data 

 

 The fracture surface of the C-3Mg and C-3Mg-NP samples were also studied. The SEM 

images are presented in Figure 7-17. Porosities and microcracks are observed in the fracture 

surface of the C-3Mg sample, as shown in Figure 7-17a. Large pieces of undissolved S phases are 

everywhere, as shown in Figure 7-17c. However, there is little porosity in the fracture surface of 

the C-3Mg-NP sample, and the remaining undissolved S phase is much smaller. There is one 

microcrack found in the nano-treated sample, as shown in Figure 7-17b. Even though the dimple 

is not uniform in the nano-treated sample, the dimples in the nanoparticle-rich region are smaller 

than the nanoparticle-scarce region. As shown in Figure 7-17d, the nano-treated sample without 

plastic deformation shows a ductile fracture behavior and provides reasonably good ductility.  
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Figure 7-17. SEM images of the fracture surface, a, c) C-3Mg after T6 and b, d) C-3Mg-NP after T6. Shrinkage porosity, cracks, 

and undissolved S phases are marked 

 

7.6 Summary 

Nano-treated Al-4.6Cu-xMg-0.3Mn alloys were cast without hot cracking and shrinkage 

porosity. While a higher Mg content reduced the solubility of S phase in the control samples, nano-

treating improved the dissolution of S phases during solution treatment and even broke the 

solubility limit until the Mg content is more than 3%. The promoted dissolution was possibly 

caused by reducing overall interfacial energy between nanoparticles and the S phase during 

solutionization. 

 Moreover, the density of S’ precipitates was significantly increased by nano-treating when 

compared to control samples since a higher supersaturation was achieved in the nano-treated 

samples. The S’ precipitates in the C-3Mg sample mostly nucleated along the dislocations to form 
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precipitation bands. In the nano-treated C-3Mg-NP sample, a higher supersaturation allows S’ 

phase to precipitate along the dislocations as well as in the matrix, leading to a more uniform 

distribution of precipitates. 

The mechanical properties were significantly improved by nano-treating at higher Mg 

content. In the control sample, when the Mg content was above 2 wt.%, its microhardness and 

tensile properties were reduced due to a limited dissolution of the S phase. In contrast, in the nano-

treated samples, the extra Mg content provided extra strength. For example, the C-3Mg-NP sample 

offers a UTS of 451.3 ± 1.1MPa, a YS of 356.4 ± 5.9 MPa, and a ductility of 4.11 ± 0.28%. 

However, the UTS and YS decreased when the Mg weight percentage was 4 % 
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Chapter 8 Conclusions 

This dissertation is motivated to study and apply nano-treating effects to further improve 

the properties of high-strength aluminum alloys by cost-effective manufacturing methods. 

A new in-situ method was first developed to successfully synthesize TiB2, TiC, ZrB2, WC 

particles with smaller size and narrow size distribution in aluminum alloys. In addition, the 

parameters that influence the size of the synthesized nanoparticles were studied. While both 

concentration and reaction time did not significantly affect the particle size in a diluted liquid 

solution, the particle size increases rapidly with a higher reaction temperature. An interface-

controlled reaction mechanism is proposed to understand this phenomenon. The new in-situ 

nanoparticle synthesis method establishes a solid foundation to allow nano-treating applicable for 

mass production. 

A systematic study of the nano-treating effects on solidification and heat treatment was 

conducted. The solidification curves and microstructures of the aluminum alloys nano-treated by 

TiC nanoparticles confirm promoted nucleation and effective grain growth restriction. During the 

last stage of solidification, the grain coherent point was postponed by nanoparticles, thus allowing 

sufficient time for liquid feeding to prevent solidification shrinkage and hot tearing. These effects 

can significantly improve castability and ingot mechanical properties of traditionally difficult-to-

cast alloys. After solidification, the volume fraction of the secondary phases is modified because 

the permeability of the liquid's coherent solid network and viscosity seemed altered by nano-

treating. Furthermore, a promoted diffusion seemed to be assisted by interface and dislocation 

mediated diffusion. As the volume fraction, size of the secondary phases, and diffusivity are 

directly related to the dissolution speed of the secondary phases during solution treatment, nano-
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treating becomes very effective in promoting solution treatment. The nano-treating method enables 

mass manufacturing of high-strength aluminum alloys such as AA7034 by traditional casting at a 

slow cooling rate. A better dissolution of the secondary phases results in a higher level of 

supersaturation of the solute atoms, and dislocations can serve as heterogeneous nucleation sites 

for precipitates. The precipitation process, aging, is facilitated as well. The promoted aging allows 

natural aging to produce adequate strengths at a shorter time. In general, nano-treating offers two 

powerful effects: “antibody effect” to enhance manufacturing capability and “vitamin effect” 

improves microstructure and properties of the alloy. Three application case studies were conducted 

to demonstrate the nano-treating effects. 

The first application was to enable the manufacturing of high-strength Al-Zn-Mg-Cu alloy 

(AA7034). The nano-treated AA7034 was successfully cast by down-hill casting at a low cooling 

rate of 0.25 K/s. The as-cast AA7034 sample containing 2 vol.% TiC nanoparticles offer a UTS of 

769.1 ± 68.3 MPa, a YS of 754.4 ± 27.9 MPa, and a 2.0 ± 0.9% ductility. The improved mechanical 

properties were due to the complete dissolution of secondary phases that were difficult to dissolve 

in pure AA 7034. The nano-treated samples show ductile fracture behavior, while the pure 

AA7034 sample was very brittle. The nano-treated cast samples have less segregation and carry 

fewer and smaller secondary phases than pure AA7034. A modified local solute redistribution 

equation (LSRE) was applied to calculate the volume of the eutectic phase. It shows that 

nanoparticles could change the volume fraction of the eutectic phase by influencing the 

permeability of the coherent solid network in the final stage of solidification and the viscosity of 

the molten melt. Furthermore, the dissolution of the secondary phases in 7034-1NP and 7034-2NP 

samples was promoted due to a refined microstructure and an accelerated diffusion. 
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The second application case study provided a solution to eliminating post-welding heat 

treatment after arc welding of AA7075 alloy. The nano-treated Al-6.0Zn-2.6Mg-xCu samples and 

their control samples containing different Cu percentages were fabricated and studied. The nano-

treated samples have a refined microstructure with little dendritic arms. The nano-treated samples 

also show a facilitated aging behavior after natural aging for 44 days. The formation of GPII zones 

in the nano-treated samples is faster than the control samples after a detailed study on 

microhardness evolution curves, DSC analysis. Arc welding of commercial AA7075 aluminum 

plates was performed with both nano-treated filler wire and the control wire. The nano-treated wire 

resulted in less secondary phase and refined grains after welding. The tensile testing shows the 

nano-treated wire provides a good strength (428.8 ± 15.07 MPa), yield (338.7 ± 18.2 MPa), and 

ductility (2.03 ± 0.15%). Compared to other arc-welded high-strength aluminum, the nano-treated 

filler provides the highest strength without post-welding heat treatment.  

The third application case study was to develop and cast new high-strength Al-Cu-Mg 

alloys. The standard AA2024 typically contains 4.5% Cu and a max of 1.8% Mg. In this study, 

nano-treated Al-4.6Cu-xMg-0.3Mn alloys contain 1.5% to 4.0% Mg were fabricated without 

shrinkage porosity. In the control samples, higher Mg reduced the solubility of the S phase, while 

nano-treating broke the solubility limit and significantly improve the dissolution of S phases during 

solution treatment. The promoted dissolution is believed to be induced by the reduction of overall 

interfacial energy between nanoparticles and the S phase. After artificial aging, the density of S’ 

precipitates is greatly increased because nano-treating induced higher supersaturation when 

compared to control samples. Moreover, S’ precipitates in the C-3Mg sample mostly nucleate 

along the dislocations and form precipitation bands. In the nano-treated C-3Mg-NP sample, the 

higher supersaturation allows S’ phase to precipitate with the dislocations and more in the matrix, 
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leading to a more uniform distribution of finer precipitates. In the control sample, increasing the 

Mg weight percentage reduces its microhardness and tensile properties due to a limited dissolution 

of the S phase. In contrast, in the nano-treated samples, the extra Mg can provide extra strength. 

The cast C-3Mg-NP sample after T6 delivers a UTS of 451.3 ± 1.1MPa, a YS of 356.4 ± 5.9 MPa, 

and a ductility of 4.11 ± 0.28%. However, when Mg reaches the level of 4 wt.%, the properties of 

the nano-treated samples became worse due to the greatly reduced solubility of Cu.  

In summary, this dissertation first discussed a new interface-controlled reaction for in-situ 

synthesis of ceramic nanoparticles before utilizing these nanoparticles for nano-treating of molten 

metals. Then the nano-treating effects on solidification and heat treatment were systematically 

studied. Two critical effects from nano-treating were summarized: “antibody effect” to enable 

scalable manufacturing of traditionally difficult-to-manufacture alloys without cracking and 

shrinkage porosities and “vitamin effect” to improve microstructure and properties of alloys. These 

effects were successfully demonstrated in developing and manufacturing high-performance 

aluminum alloys, partiuclarly manufacturing high-strength Al-Zn-Mg-Cu alloys, natural aging to 

AA7075 welds with nano-treated welding wires, and casting of new high-strength Al-Cu-Mg 

alloys. Nano-treating successfully promoted the solution treatment of high-strength Al-Zn-Mg-Cu 

by modifying secondary phases and enhancing diffusion. With a new nano-treated welding filler, 

AA7075 was arc welded and recovered 77% material strength of the base metal after natural aging. 

In addition, Nano-treating breaks the solubility limit of Mg and Cu in the new Al-Cu-Mg alloy 

possibly by interfacial energy reduction during solution treatment to offer significantly improved 

performance.  
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Chapter 9 Recommendations for Future Work 

The scientific understanding of nano-treating effects on high-strength aluminum alloys in 

this dissertation demonstrates great potential to develop and manufacture new alloys that were 

traditionally deemed impossible. While some understanding of nanoparticle effects on 

solidification, solution treatment, aging, plastic deformation, and other metallurgy processes of 

aluminum alloys has been developed, reliable physics models still lack. A more systematic study 

on these effects is needed for aluminum alloys and all other materials systems. Little study has 

been conducted to fully understand how nano-treating would affect stress corrosion cracking, 

fatigue, and fracture toughness for practical applications. Following research directions are 

recommended:  

9.1 Fabrication of new in-situ ceramic nanoparticles  

In-situ ceramic nanoparticles are essential for making nano-treating applicable to industry. 

Ceramic nanoparticles like silicon carbide, boron carbide, titanium nitride, etc., are commonly 

added into different alloys systems. Still, these nanoparticles are not readily fabricated by the low-

cost in-situ method. The flux-assisted in-situ synthesis can make nano-sized particles if suitable 

salts and reactants are used. For example, silicon carbide might be fabricated using potassium 

hexafluorosilicate (K2SiF6) and carbon in a fluoride salt pool. Activated carbon and KBF4 can be 

used to fabricated B4C.  

Different nanoparticles would have different dispersion capabilities in different alloys. 

Therefore, new particles could provide more possibilities for suitable nanoparticles-treated alloys. 
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9.2 Physics models for nano-treating  

Successful physics models can be used to develop new alloys and predict the alloy 

properties after nano-treating. For example, the following models might be beneficial for nano-

treating.  

1. Nanoparticle modified diffusion of alloy elements.  

While nanoparticles can facilitate solution treatment effectively, it is not clear how the 

overall diffusivity of the elements was impacted. As nanoparticles usually reside with 

the secondary phases at grain boundaries, they could block the matrix diffusion when 

nanoparticles enclose secondary phases. On the other hand, the nanoparticle-matrix 

interface and dislocations can speed up the diffusion of alloying elements. Therefore, 

the overall trend due to the competitive nature of nanoparticle effects needs more study 

in various alloy systems, and a better physics model is needed to shed more insights 

into nanoparticle's effect on diffusion. 

2. Nanoparticle modified aging 

If the nanoparticle-influenced diffusivity is fully understood, the nanoparticle-modified 

aging can be better modeled too. Since the clustering of alloying elements is related to 

vacancy concentration in the matrix, the nanoparticle-modified vacancy concentration 

should also be studied. Nanoparticles would increase the overall defects (dislocations, 

grain boundaries, and nanoparticle-matrix interfaces), which could act as vacancy sinks 

to reduce the density of vacancies nearby. Even though one literature has stated that 

nanoparticles reduced the vacancy depletion close to the grain boundary8, but no 

physical modeling has been built. 

3. Nanoparticle dispersion in alloy 
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Nanoparticle dispersion in pure metal has been well studied. Still, in the alloys, other 

elements can alter the interfacial energy between nanoparticles and the melt and the 

system Hamaker constant for the nanoparticle dispersion in molten alloys. Thus, the 

dispersion model would need more careful development.  

9.3 Other properties modified by nano-treating. 

 Nano-treating could alter the creep resistance, fatigue, fracture toughness, corrosion 

resistance, wear resistance, oxidation, and stress corrosion resistance of alloys. Therefore, all these 

aspects should be studied. 
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