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The need for high operation tempera-
tures (>800 °C) for electrolyte-supported 
solid-oxide fuel/electrolyzer cells to reduce 
ohmic loss has been one of the major 
limitations for commercialization.[1–3] In 
an effort to push the operating tempera-
ture down to a more cost-effective range 
(<500 °C), considerable research activi-
ties have been undertaken on the devel-
opment of electrolytes with improved 
low-temperature ionic conductivity.[4,5] 
In this regard, doped-perovskite systems 
(i.e., A1–xA′xB1–yB′yO3–δ where A′ and B′
are aliovalent dopants) have emerged 
as promising candidates for oxygen-ion 
conductors. For example, strontium and 
magnesium co-doped LaGaO3 has been 
identified as an excellent alternative to 
yttria-stabilized zirconia due to its com-
petitive ionic conductivity (>0.01 S cm−1 
at 600 °C) and chemical stability.[6–8] But, 
despite these attractive properties, few 
high-performance alternatives have been 
discovered[9,10] and a systematic approach 
to the design of such materials has yet to 

Solid-oxide fuel/electrolyzer cells are limited by a dearth of electrolyte 
materials with low ohmic loss and an incomplete understanding of the 
structure–property relationships that would enable the rational design 
of better materials. Here, using epitaxial thin-film growth, synchrotron 
radiation, impedance spectroscopy, and density-functional theory, the impact 
of structural parameters (i.e., unit-cell volume and octahedral rotations) on 
ionic conductivity is delineated in La0.9Sr0.1Ga0.95Mg0.05O3–δ. As compared to 
the zero-strain state, compressive strain reduces the unit-cell volume while 
maintaining large octahedral rotations, resulting in a strong reduction of 
ionic conductivity, while tensile strain increases the unit-cell volume while 
quenching octahedral rotations, resulting in a negligible effect on the ionic 
conductivity. Calculations reveal that larger unit-cell volumes and octahedral 
rotations decrease migration barriers and create low-energy migration 
pathways, respectively. The desired combination of large unit-cell volume and 
octahedral rotations is normally contraindicated, but through the creation of 
superlattice structures both expanded unit-cell volume and large octahedral 
rotations are experimentally realized, which result in an enhancement of 
the ionic conductivity. All told, the potential to tune ionic conductivity with 
structure alone by a factor of ≈2.5 at around 600 °C is observed, which sheds 
new light on the rational design of ion-conducting perovskite electrolytes.
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 be established. This is made more difficult by the fact that most 
research has focused on polycrystalline and mesostructured 
ceramics wherein complexity arising from grain boundaries, 
twinning structures, secondary phases, etc., can make interpre-
tation of results more challenging.[11–15] In turn, many of the 
advances have come from the chemical and physical intuitions 
of researchers in the field and time-consuming trial-and-error 
experimental iterations.

In order to advance a rational-design approach for ionic-
conducting materials, it is vital to gain a thorough under-
standing of the impact of systematic changes to the structure 
and chemistry on property evolution. In this spirit, researchers 
have undertaken a range of studies on thin-film versions of 
various ionic-conducting systems where lattice symmetry, 
microstructure, and material stoichiometry can be deterministi-
cally controlled and studied.[16–20] At the same time, advances 
in theoretical understanding of these systems have provided 
suggestions as to how to manipulate the structure to improve 
vacancy migration.[21–24] These studies, however, have provided, 
at times, conflicting recommendations and outcomes. Such 
incongruous results are potentially related to incomplete or 
limited structural characterization of the systems under study 
and from confounding contributions arising from sample 
geometry/structure (e.g., microstructure[15,19] and substrate 
contributions to conductivity[20,25]). Additionally, most experi-
mental studies have focused on fluorite structures while there 
have been limited studies (generally focused on chemical 
effects) in the more complex perovskite systems.[26,27] Thus, one 
opportunity to develop a rational-design approach for high ion-
conducting perovskites is to quantitatively and deterministically 
control the structural variables and build up a systematic corre-
lation between these variables and transport properties without 
convolution from such confounding effects.

Here, we create a model perovskite ion-conducting system 
using thin-film epitaxy where chemical inhomogeneity, grain 
boundaries, and secondary phases are absent. This multi-faceted  
experimental and theoretical study delineates the impact of 
structural parameters (namely, unit-cell volume and octahedral 
rotations) on ionic conductivity in the electrolyte La0.9Sr0.1Ga0.95 
Mg0.05O3–δ (LSGM). Films were grown on a range of substrates 
producing strain states from −1.12% to 1.10%. As compared to 
the zero-strain (or bulk-like) state, compressive strain reduces 

the unit-cell volume while maintaining large octahedral rota-
tions, whereas tensile strain increases the unit-cell volume 
while quenching octahedral rotations. In turn, compressive and 
tensile strains are found to strongly reduce and have negligible 
effect, respectively, on the ionic conductivity. The resulting intu-
itive design recommendation is that both large unit-cell volume 
and octahedral rotations are required for large ionic conduc-
tivity. Density-functional theory (DFT) calculations reveal that 
larger unit-cell volumes and octahedral rotations decrease 
migration-energy barriers and create a set of low-energy migra-
tion pathways, respectively. Unit-cell volume and octahedral 
rotations are strongly coupled and often contraindicated, but 
this limitation can be overcome via superlattice structuring that 
enables the creation of both large unit-cell volumes and octahe-
dral rotations, which drives a subsequent enhancement of the 
ionic conductivity by a factor of ≈2.5 as compared to the com-
pressively strained heterostructures. Ultimately, these findings 
provide a strong indication of the structure–transport relation-
ships in the perovskite system and shed new light on how one 
can rationally design novel high-performance electrolytes.

100  nm LSGM/NdGaO3 (110), SrTiO3 (001), and DyScO3 
(110) heterostructures were grown via pulsed-laser deposition
(PLD; Experimental Section) corresponding to lattice mis-
matches of −1.12%, +0.05%, and +1.10%, respectively (where
“–” and “+” indicate compressive and tensile strain, respec-
tively). The resulting (001)pc-oriented heterostructures (where
pc refers to pseudocubic indices) are found to be single phase
and highly crystalline (Figure S1a, Supporting Information).
Reciprocal space mapping studies (Experimental Section) of the
LSGM heterostructures along two orthogonal in-plane direc-
tions reveal that the films are coherently strained on all sub-
strates (Figure  1a and Figure S1b,c, Supporting Information).
The stoichiometry of the films was characterized via Rutherford
backscattering spectrometry (RBS; Experimental Section) and
the film chemistries were found to be La0.9Sr0.1Ga0.95Mg0.05O3–δ 
(Figure S1d, Supporting Information). The film stoichiometry 
is further supported by X-ray studies and extraction of lattice 
parameters (Figure S1e, Supporting Information). All told, the 
LSGM heterostructures are of the same chemistry and coher-
ently strained to the various substrates.

Synchrotron-based half-order Bragg peak analysis (Experi-
mental Section) is applied to further examine the octahedral 
rotation evolution under epitaxial constraint. Briefly, the octahe-
dral rotations in a perovskite unit-cell decrease the lattice sym-
metry and give rise to half-order diffraction peaks of which the 
intensities are related to the magnitudes of the oxygen-anion  
and A- and B-cation displacements. For instance, a representative  
1/2 1/2 3/2-diffraction peak for the LSGM/SrTiO3 (001) hetero-
structure is shown (at 25 and 650 °C), indicating that octahe-
dral rotations are present in the system and that the magnitude 
of the rotation is similar across the temperature range of our 
studies (Figure 1b). In turn, systematic fitting of characteristic 
half-order Bragg peak intensities (Figure S2, Supporting Infor-
mation) reveals the angles by which the octahedra rotate along 
each orthogonal direction (i.e., α, β, and γ along [100]pc, [010]pc, 
and [001]pc, respectively).[28–30] Thus, from both the reciprocal 
space mapping and half-order Bragg peak analysis studies, 
the structural parameters of the LSGM heterostructures and 
corresponding changes induced by epitaxial strain can be 
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extracted (Figure  1c and Table S1, Supporting Information). 
For simplicity of presentation, in later discussions we define 
an effective octahedral rotation magnitude as α β γ+ +2 2 2 . To 
summarize the observations, in comparison to the zero-strain 
state (i.e., on SrTiO3 substrates, where the extracted structural 
parameters are in agreement with bulk[31–33]), as we progress 
from compressive to tensile strain, the unit-cell volume of 
LSGM increases monotonically. Additionally, while the octahe-
dral rotations are found to be the largest near the zero-strain 
state, they are slightly quenched under compressive strain, and 
almost fully suppressed under tensile strain (Figure 1d where a 
projection of the structure along the [001]pc is shown).

With this understanding of the structural evolution, we pro-
ceed to correlate these structural changes with the ion transport. 
To characterize ion-transport properties in the films, in-plane 
AC-impedance spectroscopy measurements are performed on 

all heterostructures from 500 to 650 °C under high (pure O2)  
and low (pure N2) oxygen-partial pressures (Experimental 
Section). The temperature region is purposely chosen to limit 
both the ionic and electronic contributions of the substrate to 
the overall measured conductivity (Supporting Information). For 
brevity, representative Nyquist plots, taken at 500 °C, are pro-
vided (Figure 2a–c), but data across the full measured tempera-
ture range are available (Figure S3a–c, Supporting Information). 
All heterostructures show one dominant “waterdrop-like” 
feature, characteristic of a mixed ionic and electronic conductor 
with ionic blocking boundary conditions. Thus, the high-
frequency intercept gives the total resistance (Rtotal  = Ri  + Re,  
where Ri and Re are the ionic and electronic resistance, respec-
tively), while the low-frequency intercept gives the electronic 
resistance and the electrode impedance.[34,35] Since the low-
frequency resistance increases at lower oxygen-partial pressure 
and the triple-phase boundary area in dense platinum electrodes 
is small, this suggests that there is limited p-type electronic 
conduction in the LSGM films. The invariant high-frequency 
resistance under different oxygen-partial pressures suggests 
that the ionic-charge concentration is independent of gas envi-
ronment and fixed by extrinsic dopants. This means that the 
conduction in the heterostructures predominantly arises from 
the LSGM films, not the substrates. To further rule out sub-
strate contributions, measurements on bare substrates were 
also performed (Figure S4a–c, Supporting Information). The 
NdGaO3 and DyScO3 substrates show negligible mixed ionic 
and electronic conductance while the SrTiO3 substrates show  
dominant p-type electronic conduction, which will not affect 
the ionic conduction extracted from the heterostructures.[36]

The ionic conductivity of the LSGM is determined by fitting 
the impedance spectra using a transmission-line model devel-
oped for mixed ionic and electronic conductors (Figure S5a–c, 
Supporting Information). Fitting reveals a high transference 
number (t σ σ

σ= −T e

T
, where σT and σe are the total and elec-

tronic conductivity, respectively) of 0.94–0.98 across all hetero-
structures (Figure 2d), consistent with results for LSGM single 
crystals.[8] The smaller transference number in the LSGM/
SrTiO3 heterostructures is expected due to the relatively high 
electronic conduction from the substrates. In turn, we can 
extract the strain and temperature-dependent evolution of the 
ionic conductivity and the migration-energy barrier for all het-
erostructures (Figure 2e). Examination of the conductivity and 
the structural parameters reveals several key findings. First, the 
activation energy of conduction is found to be within the range 
of Ea = 0.65−0.75 eV for all heterostructures. It should be noted 
that due to the relatively small temperature window used to 
extract the activation energy of conduction (which was intended 
to limit the substrate contributions to overall conductivity), one 
cannot resolve a difference in the activation energy of conduc-
tion smaller than ≈0.1 eV. This is further compounded by the 
nonlinear nature of activation energy in LSGM around 500 °C.[8] 
Wider-temperature-range measurements, excluding LSGM/
SrTiO3 heterostructures wherein the substrate contributes too 
much to ionic conduction to allow for reliable extraction of the 
real conductivity of the LSGM, were completed for the LSGM/
NdGaO3 and DyScO3 heterostructures and revealed a change 
of the activation energy of conduction of ≈0.12  eV from com-
pressive to tensile strains (Figure S6, Supporting Information). 

Figure 1.  Structural characterization of La0.9Sr0.1Ga0.95Mg0.05O3–δ (LSGM) 
thin films. a) Representative reciprocal space mapping studies from an 
LSGM/DyScO3 heterostructure with maps along two orthogonal direc-
tions, confirming that the film is coherently strained to the substrate. 
b) Representative half-order Bragg peaks, in this case 1/2 1/2 3/2 peaks
taken at 25 and 650 °C, which can be used to extract octahedral rota-
tion pattern/angles. c) Extraction of the unit-cell volume (left axis, filled 
circles) and the effective octahedral rotation magnitude (right axis, open 
squares) as a function of strain state. d) Schematic illustration of the 
evolution of the LSGM structure with varying strain; note that the oxygen 
positions are extracted from X-ray studies while the octahedral rotation 
magnitude has been exaggerated for better representation.



Second, the conductivity of the near-zero strain state hetero-
structures matches well with values measured for bulk single-
crystal samples (e.g., the conductivity at 600 °C for our films 
and bulk samples are 0.0126 and 0.0128 S cm−1,[8] respectively). 
Third, the structural changes in LSGM are revealed to have a 
significant impact on the ion-transport properties. In particular, 
from compressive strain to near-zero strain, as the LSGM unit-
cell volume increases by ≈1% and the octahedral-rotation mag-
nitude remains almost invariant, the conductivity of the LSGM 
is increased by ≈100%, indicating that a larger unit-cell volume 
is preferred to achieve high ionic conductivity. Moreover, as the 
unit-cell volume is further increased by another ≈1% under ten-
sile strain, while simultaneously quenching the octahedral rota-
tions, the observed conductivity is negligibly affected (increases 
by <5%, within the error bars of the measurement). This sug-
gests that quenching the octahedral rotations also strongly 
affects the overall transport properties, thus counterbalancing 
the effect of the expanded unit cell (UC) under tensile strain. 
In other words, this suggests that to achieve high ionic conduc-
tion in perovskite structures, the material should be controlled 
to have both larger unit-cell volume and octahedral rotations.

To understand why these structural features impact ionic 
conductivity in this manner, we applied DFT calculations cou-
pled with a Green’s function method[37] to probe the local effect 
of structure on ion transport (Experimental Section). We will 
first discuss the effect of octahedral rotations on ionic transport 
and then address the impact of volume change. The undoped 
LaGaO3 parent phase was examined to study the impact of 

octahedral rotations on ion-migration pathways, and at the 
same time to eliminate dopant-strain effects. Because of the 
distorted octahedra in LaGaO3, there are two distinct oxygen 
sites located either in the LaO or GaO2 planes, denoted as O1 
and O2, respectively (Figure  3a and Figure S8a, Supporting 
Information). Calculations further support this difference in 
that the energy of a vacancy at an O1 site is 15 meV lower than 
that for a vacancy at an O2 site. Furthermore, due to the octa-
hedral rotations,[38,39] it is found that there are two O1–O1-type 
and four O1–O2-type symmetry-unique vacancy jumps with 
distinct migration-energy barriers (noted in various colors, 
Figure  3a, bottom). Since there are no allowed O2–O2-type 
jumps, vacancy migration along the three orthogonal axes (i.e., 
in-plane [001] and [110], and out-of-plane [110]) is achieved by 
either a series of O1–O1-type or a combination of O1–O1 and 
O1–O2-type jumps. As a result, compared to a cubic system 
with no octahedral rotations, the presence of octahedral rota-
tions creates different energy barriers to ion migration along 
each direction and, in turn, anisotropic jump phenomena. 
Thus, ion conduction preferentially occurs along a sub-set of 
low-energy jumps thereby resulting in two types of fast ion-
conducting pathways: The first is via a series of O1–O1-type 
jumps (two equivalent pathways along different directions are 
shown, Figure 3b) and the second is via a series of O1–O1 and  
O1–O2-type jumps (Figure 3c). In general, the O1–O1-type jump 
with the highest energy (0.35 eV) determines the overall migra-
tion-energy barrier. We note that this value is smaller than that 
extracted from the experiments (≈0.70 eV) and this discrepancy  

Figure 2.  Ion-transport studies of LSGM thin films. a–c) Impedance spectra taken at 500 °C in both pure oxygen (filled circles) and nitrogen (open circles) 
for LSGM films grown on NdGaO3 (ε = −1.12%)(a), SrTiO3 (ε = 0.05%) (b), and DyScO3 (ε = 1.10%) (c) substrates. The total impedance (high-frequency 
intercept) is orders of magnitude lower than the electronic impedance (low-frequency intercept) and is independent of oxygen partial pressure (inset). 
d) Extracted transference numbers as a function of strain state agree well with single-crystal data. e) Arrhenius plot of the LSGM conductivity as a
function of strain and temperature. The activation energies for oxygen vacancy migration for all heterostructures are ≈0.70 eV.



will be addressed later. Having established the effect of octahe-
dral rotations on ionic migration, biaxial strain (compressive  
−2% to tensile +2%) was subsequently applied to examine
the impact of unit-cell volume change. In undoped LaGaO3,
the unit-cell volume is shown to expand by ≈8% from com-
pressive to tensile strain while the octahedral rotations remain
almost unchanged (<2° change in angles across this entire
range of strain; Figure S8b, Supporting Information), and there-
fore the impact of unit-cell volume can be isolated. Diffusivity
calculations reveal that, from compressive to tensile strain, the
vacancy diffusivity increases almost linearly across the experi-
mentally probed regime from −1% to 1% strain (Figure  3d).
This enhancement of the diffusivity is a direct consequence of
a reduction of the migration-energy barriers across that strain
regime (Figure S8c, Supporting Information). We note that the
exact computation of diffusivity in LSGM is not a trivial matter
and requires mesoscopic modeling approaches;[21,40,41] this said,
the DFT results support the trends of the experimental find-
ings wherein a larger unit-cell volume enables enhanced ionic
conduction, consistent with prior works on ion-conducting
materials.[15,17,42–45]

For a better representation of the experimental scenario, both 
strontium- and magnesium-doped versions of LaGaO3 were also 
examined by DFT. These studies reveal that the nearest stron-
tium-on-lanthanum sites (Sr1) have attractive binding with both 

vacancy sites (O1 and O2) while the nearest magnesium-on-
gallium sites (Mg1) have negligible repulsive binding with the 
vacancies (Figure S9a,b, Supporting Information). In contrary 
to previous studies that suggested magnesium as the trapping 
center,[46] our results and recent studies[47,48] reveal that it is the 
strontium that attracts vacancies while magnesium does not. In 
turn, to examine the rate-limiting steps for vacancy diffusion, 
the oxygen-vacancy-migration barriers out of the most strongly 
bounded O1-Sr1 and O2-Sr1 vacancy configurations were calcu-
lated (Figure 3e). Vacancies are found to either jump between 
bound sites (i.e., circle around the strontium trap) through 
low-energy barrier jumps (0.20–0.45  eV) or jump toward 
unbound sites (i.e., escape the strontium trap) through high-
energy barrier jumps (0.61–0.80 eV). In other words, vacancies 
are trapped inside a superbasin surrounding the strontium 
ions. The energies required for the vacancy to escape out of 
the superbasin, therefore, are likely to control the diffusion 
behavior. With the inclusion of dopant effects, the escape ener-
gies from O1 and O2 sites (0.61 and 0.65 eV) agree well with 
the experimentally observed activation barriers (≈0.70  eV). As 
the strontium concentration increases, however, these superba-
sins could overlap, leading to fast vacancy jumps between them 
(i.e., effectively a percolation effect with an overall fast diffusion 
rate). Once again, now building from both experimental and 
theoretical findings, the optimal design for high ion-conducting 

Figure 3.  First-principles study of oxygen vacancy migration in LSGM. a) Illustration of the undoped LaGaO3 crystal from the DFT calculations (top). 
Calculations further reveal six unique energy barriers for different oxygen vacancy jumps (each jump is labeled with different color, bottom). The values 
of migration barriers are given relative to the O1 site and there are two O1–O1 and four O1–O2-type jumps. b,c) Schematic illustrations of various fast 
ion-conducting oxygen vacancy migration pathways including ones based on a series of O1–O1-type jumps (two equivalent pathways along different 
directions are shown) (b), and one based on a series of O1–O1 and O1–O2-type jumps (c). d) DFT-calculated vacancy diffusivity as a function of strain 
for undoped LaGaO3. e) Migration energies for oxygen vacancies when LaGaO3 is doped with strontium at lanthanum sites where vacancies are found 
to either jump between bound sites (i.e., circle around the strontium trap) through low-energy barrier jumps (0.20–0.45 eV) or jump toward unbound 
sites (i.e., escape from the strontium trap) through high-energy barrier jumps (0.61–0.80 eV).



perovskites is to combine large unit-cell volume and octahedral 
rotations.

As such, we now turn our attention to creating such an 
optimal structure wherein we can demonstrate the efficacy of 
this design process. To do this, we turn to a combined strain 
and interfacial engineering approach.[28,49] Although a particular 
rotation pattern of an epitaxial film is energetically fixed under 
a given strain state,[50,51] it has been shown that utilization of 
perovskite substrates with large octahedral rotations can drive an 
increase in the rotation magnitude in the film near the heteroin-
terface (Figure 4a).[28,49,52,53] Thus, in order to achieve both large 
unit-cell volume and octahedral rotations in the LSGM, we turn 
to superlattice (DyScO3)m/(LSGM)n structures (where m and n  
refer to the number of UCs of DyScO3 and LSGM, respectively) 
grown on DyScO3 substrates (Figure  4b). The superlattice 
structure is chosen for a number of reasons. First, DyScO3 is 
an insulating material with large octahedral rotations (the scan-
dium–oxygen–scandium bonding angle is ≈140°)[54,55] such that 
the rotation pattern from the DyScO3 interlayers can propagate 
into the LSGM layers. Second, DyScO3 substrates are chosen 
to maintain the desired tensile strain to expand the unit-cell 
volume of the LSGM. Finally, multiple LSGM layers give rise 
to higher total conductance to limit the substrate contribution 
to the measured conductance and facilitate easier measurement 
of the ion-transport properties.

(DyScO3)m/(LSGM)n superlattices (m = 6 UC, n = 6–10 UC) 
were prepared via reflection high-energy electron diffraction 
(RHEED) assisted pulsed-laser deposition (Figure  4c). X-ray 

diffraction studies reveal strong superlattice peaks with clear 
Laue fringes, indicating high crystallinity and sharp interfaces 
(Figure 4d); features further validated by sharp in situ RHEED 
patterns during growth (insets in Figure  4c). The superlat-
tices are found to be coherently strained to the substrate via 
reciprocal space mapping studies (Figure S10a, Supporting 
Information) and structurally and chemically robust during 
≈24 h of high-temperature measurement (Figure S10b, Sup-
porting Information). To confirm the realization of the desired
large unit-cell volume and octahedral rotations in the LSGM,
synchrotron-based X-ray crystal truncation rod (CTR) measure-
ments accompanied by coherent Bragg rod analysis (COBRA)
were performed on a 6 UC DyScO3/6 UC LSGM/DyScO3 (110) 
heterostructure emulating a single repeat of the superlattices. 
COBRA allows for the extraction of atomic positions for each 
layer near the surface (top ≈20  nm).[56] Although the rotation 
magnitude of thicker LSGM films under tensile strain is nearly 
zero, the electron density maps projected along the [001] (pro-
jection along [110] is also provided; Figure S10c, Supporting 
Information) reveal large tilts of the octahedra in the embedded 
LSGM layer (Figure  4e). Both DyScO3 layers also show large 
and rigid octahedral-rotation patterns, with rotation angles in 
good agreement with bulk.[54,55] The extracted octahedral rota-
tions for the LSGM layer are, however, drastically different from 
bulk[33] (Figure  4f). Namely, the two in-plane rotation angles 
(α and β) are increased due to the coupling with the DyScO3

layers while the out-of-plane rotation angle (γ) is quenched as
a result of the tensile strain. Overall, compared to the 100 nm

Figure 4.  Creating the optimal structure for high ionic conductivity. a) Illustration of the introduction of octahedral rotations in an ultrathin film via 
interfacial engineering. b) Schematic of the (LSGM)n/(DyScO3)m superlattice structures. c) Reflection high-energy electron diffraction (RHEED) spectra 
for (top) LSGM and (bottom) DyScO3 growth on DyScO3 substrates; both films exhibit layer-by-layer growth. The insets show the sharp electron-
diffraction patterns during growth, which reveal high surface quality and crystallinity. d) X-ray diffraction line scans for superlattice structures with  
n = 6–10 and m = 6 reveal clear Laue thickness fringes and superlattice peaks, indicating good crystallinity and sharp interfaces. e) Reconstructed elec-
tron density map for a (DyScO3)6/(LSGM)6/DyScO3 heterostructure from the COBRA analysis. The map reveals large octahedral rotations extending 
from the DyScO3 into the ultrathin LSGM. f) Extracted octahedral rotation angles as a function of unit cell through the thickness of the heterostructure 
confirming the large octahedral rotation of both the bottom and top DyScO3 layers and the formation of large in-plane rotations (α and β angles) in 
the LSGM that are markedly different from bulk values (solid and dashed lines).



thick LSGM grown directly on DyScO3 substrates where the 
octahedral rotations are significantly quenched, the effec-
tive octahedral-rotation magnitude for the ultrathin LSGM in  
the superlattice structures has been dramatically increased 
from ≈2.3° to ≈13.7°.

Having demonstrated that the superlattice produces the 
desired effect on the crystal structure, impedance measure-
ments were completed (Figure S11a, Supporting Information). 
To accurately extract the ionic conductivity of this optimal struc-
ture in the superlattice geometry, we have two challenges: the 
first is to assure that all LSGM layers are similarly conducting 
and the second is to have accurate values of the thickness of the 
conducting layers. To accomplish this, we take advantage of our 
ability to grow various superlattice structures and periodicities 
to apply standard scaling laws to the analysis. To confirm that 
all LSGM layers were conducting and to rule out conductivity 
contribution from the DyScO3, we examined multiple hetero-
structures built from a single representative (DyScO3)6/(LSGM)6 
superlattice unit with different total film thickness (specifically 
in structures with 8 and 16 total repetitions) and it was found 
that the normalized resistance per LSGM layer was the same 
(Figure S10b, Supporting Information). In addition, measure-
ments on a 30 nm DyScO3/DyScO3 heterostructure revealed that 
the DyScO3 films are insulating (Figure S10d, Supporting Infor-
mation). Together with the fact that the DyScO3 interlayers have 
identical crystal structures as the DyScO3 substrates as revealed 
by COBRA data, we believe it is reasonable to claim that the 
DyScO3 interlayers do not contribute to the total conductivity. 
As it pertains to understanding the thickness of the conducting 
layers, because there is a lack of complete understanding about 
the nature of ionic conduction at and near interfaces, we make 
no assumption that each of the LSGM unit cells is conducting in 
the same fashion. In turn, we assume the average resistance of 
each conducting LSGM unit cell to be RUC and recalling that the 
total number of LSGM unit cells is n, the number of conducting 
LSGM unit cells will be n − Δ, where Δ denotes potentially non-
conducting unit cells at or near interfaces (Figure S11c, Sup-
porting Information). As such, a linear relationship between the 
resistance per layer RL and n is expected [RL

−1 = RUC
−1 (n − Δ)].

Fitting this relation across the temperature region of interest 
(500–650 °C) by merely varying n yields RUC and subsequently 
the conductivity of the conducting unit cells of LSGM can be 
extracted (Figure S11e,f, Supporting Information). We observe 
an invariant number of nonconducting LSGM “dead layers” 
(Δ ≈ 5) across all superlattice structures. One potential explana-
tion for this is strontium enrichment near the top of the LSGM
layers, observed by low-energy ion scattering (Experimental Sec-
tion and Figure S12a,b, Supporting Information), which could
disturb the local strain, exacerbate trapping, and impede migra-
tion.[12,57] With this noted, we extracted the conductivity of our
optimized perovskite structure and find that it is increased by
a factor of ≈2.5 as compared to the nonoptimal, compressively
strained heterostructures, and nearly 0.7 times as compared to
the bulk-like state around 600 °C (Figure  5 and Figure S11g,
Supporting Information). This result suggests that the design
algorithm revealed by this work can provide a pathway to
enhance the ionic-transport properties.

In summary, the correlation between structural features 
(i.e., unit-cell volume and octahedral rotations) and ionic 

conductivity in perovskite oxides has been investigated. Quanti-
fiable control over unit-cell volume and octahedral rotations in 
LSGM was achieved via strain engineering. It was found that 
unit-cell volume and octahedral rotations both have significant 
impact on ionic migration in the perovskite structure and the 
optimal design is to have both large unit-cell volume and octa-
hedral rotations. DFT calculations of vacancy diffusion further 
reveal that larger unit-cell volume reduces migration-energy 
barriers while large octahedral rotations create low-energy 
migration pathways. Subsequent superlattice structuring ena-
bles the creation of both large unit-cell volume and octahedral 
rotations, which results in an enhancement of the conductivity. 
Again, this work reveals the detailed relationships between 
structural parameters and transport evolution in perovskite 
ion-conducting systems and provides insights toward a rational-
design approach of electrolyte materials for intermediate- 
temperature energy conversion applications.

Experimental Section
Thin-Film Synthesis: A ceramic target of La0.9Sr0.1Ga0.9Mg0.1O3–δ, 

with 95% theoretical density, was used for film growth. 100 nm thick 
LSGM thin films were grown via PLD on NdGaO3 (110), SrTiO3 (001), 
and DyScO3 (110) substrates (CrysTec, GmBH). The LSGM films were 
grown at a heater temperature of 800 °C in a dynamic oxygen pressure 
of 40 mTorr and with a laser fluence and repetition rate of 1.8 J cm−2 and 
5  Hz, respectively. All films were grown in an on-axis geometry with a 

Figure 5.  Enhanced conductivity in optimal LSGM. Ionic conductivity as 
a function of unit-cell volume and octahedral rotation angles for LSGM at 
600 °C. Upon superlattice structuring the tensile-strained material (with 
the largest unit-cell volume) we can induce large octahedral rotations that 
drive an enhancement in the octahedral rotation angle and, correspond-
ingly, the ionic conductivity.



target-to-substrate distance of 52 mm. Following growth, the films were 
cooled to room temperature at a rate of 10 °C min−1 in a static oxygen 
pressure of 700 Torr. RHEED-assisted PLD was used to synthesize the 
superlattice structures. The same growth conditions were used for 
both the LSGM and DyScO3 layers except that the laser repetition rate 
was adjusted to 2 and 3 Hz, respectively, for better visualization of the 
RHEED oscillations.

X-ray Diffraction Studies: A high-resolution X-ray diffractometer
(Panalytical, X’Pert3 MRD) was used to perform line scans and 
reciprocal space mapping studies about the 013pc and 103pc-diffraction 
conditions for cubic substrates and 332 and 420-diffraction conditions 
for orthorhombic substrates. Strain-dependent and high-temperature 
synchrotron-based X-ray half-order Bragg peak analysis was conducted 
at the Advanced Photon Source, Argonne National Laboratory, Sector 
33-ID-D and Sector 33-BM-C, respectively. “Odd–odd–odd, odd–
odd–even” and “odd–even–even” types of half-order peaks were
systematically scanned in all four quadrants in reciprocal space and the
peak intensities are integrated and corrected according to instrumental
geometry. The peak intensities were subsequently fitted using an
established approach for Pbnm perovskites and the octahedral rotation
patterns and angles were extracted.[30] COBRA studies were completed
at the Advanced Photon Source, Argonne National Laboratory,
Sector 12-ID-D. CTRs were measured using a surface X-ray diffraction
χ-geometry with a five-circle diffractometer under X-ray photon energy
of 20 keV with a total flux of ≈2.0 × 1012 photons s−1. The 2D diffraction
images of the CTRs at each L step in reciprocal space were recorded
with a pixel array area detector (Dectris PILATUS 100 K). Samples were
protected under dry helium gas flow in a concealed sample cell during
room temperature measurements. A large set of CTRs in the reciprocal
lattice coordinate was measured for 6 UC DyScO3/6 UC LSGM/DyScO3

(110) heterostructures at room temperature with Hmax  =  ±  4 RLU,
Kmax = 4 RLU, and Lmax = 9 RLU under 2 × 2 × 2 pseudocubic notation.
This CTR data set included all relevant superstructure Bragg rods due
to the oxygen octahedral rotation and A-site cation displacement off the
symmetric point.[56]

Rutherford Backscattering Spectrometry: The film chemistry was 
probed ex situ using Rutherford backscattering spectrometry (incident 
ion energy 3.3 MeV, incident angle α = 22.5°, exit angle β = 25.35°, and 
scattering angle θ  = 168°) and the spectra were fitted using the RBS 
analysis software SIMNRA. The beam energy was specifically tuned 
around magnesium resonance to maximize the scattering cross section 
for this light element.[58]

Impedance-Spectroscopy Studies: Impedance studies were completed 
with a PARSTAT 3000A Potentiostat (Princeton Applied Research) 
and impedance spectra were fitted using ZView software (Solartron 
Analytical). Transport measurements were performed by sputtering 
120 nm thick platinum interdigitated electrodes (8 µm spacing, 500 µm 
arm length) and subsequently gold-wire-bonded to a Ceramic Dual In-line 
Package (CerDIP, TopLine Corp.) chip carrier. Samples were sealed inside 
an alumina tube. Electrical connections from CerDIP to the customized 
feedthroughs at one end of the tube were made via silver wires electrically/
thermally insulated by ceramic beads. A K-type thermocouple was 
mounted on the CerDIP and wired out from the customized feedthrough 
for temperature readout. To achieve different oxygen partial pressures, 
the alumina tube was first pumped down to vacuum and then flushed 
with oxygen or nitrogen gas (Praxair Inc.) with 99.99% purity. A constant 
oxygen or nitrogen gas flow, with flow rate of 30 mL min−1 (monitored by 
two separate flowmeters), was maintained during measurement.

Density-Functional Theory: The DFT calculations were performed using 
Perdew–Burke–Ernzerhof (PBE) exchange-correlation functional and 
the projector augmented wave (PAW) method  implemented in Vienna 
Ab Initio Simulation Package (VASP). Lanthanum, strontium, gallium, 
magnesium, and oxygen atoms were described with electronic structure 
5s25p65d16s2, 4s24p65s2, 3d104s24p1, 2p63s2, and 2s22p4, respectively. 
A plane wave energy cut-off of 500  eV was used to converge the total 
energy of the LaGaO3 unit cell to below 1 meV per atom. The supercell 
of LaGaO3 consisted of 160 atoms with a size of 2 × 2 × 2 and required 
a Monkhorst–Pack k-point mesh size of 4 × 4 × 2 to sample the Brillouin 

zone. The density of states was integrated via Gaussian smearing with 
an energy smearing width of 0.2 eV. The convergence criterion for 
electronic minimization was an energy difference smaller than 10−8 eV 
and the geometries were relaxed using conjugate gradient until the force 
on each atom was less than 5 meV Å−1. Climbing image nudged elastic 
band (NEB) method with a single image was used to determine the 
transition states for vacancy jumps. The diffusivities were obtained using 
a recently developed analytical Green function approach,[37] which can be 
found at https://github.com/DallasTrinkle/Onsager. The Green function 
approach required the vacancy-jump network, the site energies for all 
unique sites in the network, and the transition rates for all unique jumps 
within the network as input parameters. Each transition rate had the 
Arrhenius form of Ae−E/kT, where E is the migration barrier and A is the 
attempt frequency. The migration barrier was the difference between the 
transition state energy and the initial state energy. For both the strained 
and unstrained geometries, the site and transition state energies were 
obtained from zero Kelvin DFT calculations that considered single-
vacancy hops in an undoped LaGaO3 supercell. The attempt frequency 
accounted for the entropy contributions to the transition rate. The 
attempt frequencies were calculated by approximating the Vineyard 
expression using only the real vibrational frequencies of the jumping 
atom in the initial and the transition state.

Supporting Information
Supporting Information is available from the Wiley Online Library or 
from the author.
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