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Abstract

Dislocation dynamics in chemically and microstructurally complex metallic materials

by

Wu-Rong Jian

Dislocations are the main carriers of the plasticity and are the dominate deformation

mechanism in metallic materials. With recent innovations in manufacturing, a number

of novel metallic materials with high strength have been produced. Compared to the

conventional metals, these metallic materials are more chemically and microstructurally

complex. To best tailor these features for optimal performnace, it is necessary to un-

derstand how these complex factors affect dislocation dynamics, such as nucleation and

propagation. Using atomistic simulations, this thesis research aims to reveal the disloca-

tion dynamics responsible for their superior strength in three types of metallic materials,

i.e., multi-principal element alloys (MPEAs) with local chemical fluctuations, metallic

nanolaminates with interfaces, and irradiated metals with helium (He) nanobubbles.

First, in CoCrNi MPEA, local chemical fluctuations, i.e., lattice distortion (LD) and

chemical short-range order (CSRO), play an important role in the nucleation and evo-

lution of dislocations. Under uniaxial tensile loading, LD not only lowers the Young’s

modulus and strain for nucleation of Shockley partial (SP) dislocations, but also pro-

motes the nucleation of SP dislocations and reduces their mobility, providing enough

space and time for the nucleation of nanotwinning. By contrast, CSRO enhances the

Young’s modulus and critical strain to nucleate SP dislocations. Similarly, dislocations

are also resisted by CSRO clusters, resulting in CSRO strengthening.

Second, in metallic nanolaminates consisting of alternating metallic layers, confined

layer slip (CLS) has been proposed as the main dislocation mode. CLS involves a moving

x



dislocation confined between the parallel interfaces. It has also been postulated that

this dislocation dynamics process is affected by interface structure and layer thickness.

Via atomistic simulation, it is shown that compared to coherent interfaces, the CLS

of dislocations between incoherent interfaces is much more difficult. Notably the key

obstruction originates from the misfit dislocations within the incoherent interfaces and

it is shown that the dislocation may invoke climb to continue the CLS process. It is

also found that in Nb/Nb nanolaminates with coherent interfaces, the CLS stress scales

inversely with the layer thickness, as proposed by analytical models. A modified CLS

model is proposed that agrees with simulation and treats the influence of the interface

as an additional, layer-size-independent resistance.

Last but not least, in irradiated Cu with He nanobubbles, it is well known that these

nanobubbles significantly influence both material strength and ductility. In studying the

interaction between the gliding dislocation and nanobubble, it is found that instead of

the conventional dislocation bypass over a He bubble, i.e., bubble cutting or dislocation

climb, a new multi-step-bypass (MSB) maneuver occurs. It is demonstrated that this

MSB mechanism operates even at room temperature when the He atom density in the

bubble is sufficiently large and the ratio of the bubble spacing to its diameter is sufficiently

low. For MSB, the entire dislocation changes its glide plane to overcome the bubble,

which is promoted by higher temperatures and larger He atom density in the bubble.

Compared to the conventional bypass modes, MSB is more energetically favorable.

The dislocation dynamics mechanisms discovered in this research can help to deepen

understanding of microstructure/performance relationships and guide the microstructure

design of these high performance structural materials.
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Chapter 1

Introduction

1.1 Motivation

Metallic materials are known as the workhorse material class, as they are the most uti-

lized widely material, compared to ceramics and polymers, in load-bearing applications.

A common and well known response to loading among all metallic materials is their plas-

tic behavior. They exhibit both reasonable strength and ductility. Generally, however,

a trade-off exists between their strength and ductility, as any attempt to strengthen the

material is accompanied with a decline in ductility. Improving their mechanical perfor-

mance, especially their strength and ductility, can create enormous economic benefits.

These two importance mechanical properties are closely related to the dynamics of

dislocations, which are the underlying mechanisms supporting plastic deformation [1].

Many manufacturing and alloying strategies have been proposed over the years to break

this trade-off and design strong and ductile materials. Nearly all of them intend to

complicate and resist the motion of dislocations. Thanks to rapidly developing man-

ufacturing technologies, a number of metallic materials with high strength and good

ductility have been produced. Their chemical compositions and/or distributions, as well

1



Introduction Chapter 1

as microstructure, are usually more complex than those of conventional metals. For

example, local chemical ordering in multi-principal element alloys (MPEAs) fluctuates

over nanometers, unlike in conventional alloys, [2, 3] and the two-phase nanolaminated

metals contain biphase interfaces separated just nanometers apart [4, 5, 6]. In addition,

the increasingly expanding interest in applications of extreme irradiation conditions re-

sults in more defects in metallic materials, e.g., nanovoids and helium (He) nanobubbles,

and thus more complex obstacle microstructures [7, 8, 9]. These defects, local chemical

ordering, biphase interfaces, and nanobubbles, are obstacles to dislocation movement,

and thus affect the plasticity and performance as structural materials. The interactions

and mechanisms gliding dislocations use to bypass or overcome these obstacles are not

well understood. While analytical models and proposals exist, explicit modeling of the

dynamics at the atomic scale is lacking. Understanding the kinetic pathways, critical

stresses and mechanisms associated with these interactions at the atomic scale can help

guide metallic material design.

Since the plastic deformation of materials are multi-scale phenomenon, dislocation

dynamics behavior spans across multiple length- and time-scales, ranging from nanome-

ter to meter and from femtosecond to second, respectively. On the other hand, the

deformation behaviors at a larger scale reflect those at the finer scales. Therefore, only

by revealing the underlying deformation mechanisms involving one or a few dislocations

at nanoscale, can the macroscopic behavior of materials that involve the complicated

reactions of a large amount of dislocations be understood. Experimentally, transmission

electron microscopy (TEM) is a great microscopy approach for observing dislocations at

the nano scale [10]. However, dislocation motion, often times, is high-speed, reaching the

speed of sound in perfect scenarios [11]. It is challenging to trace all possible dislocation

dynamic and obstacle scenarios via in-situ TEM observation alone. Since dislocation is

a nano-scale defect, atomistic simulation that can mimic a length dimension of tens of
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nanometers up to a time scale of several nanoseconds [12], can be utilized to simulate

dislocation dynamics and is regarded as a powerful supplement to the experiments. In

atomistic simulation, the movements and reactions of one to many dislocations can be

tracked.

Using atomistic simulations, this thesis focuses on the fundamental dislocation dy-

namics behaviors, e.g., nucleation and slip, in three representative metallic materials:

MPEAs with local chemical fluctuations, metallic nanolaminates with parallel interfaces

and irradiated metals with He nanobubbles. These materials are chosen, since they con-

tain obstacles with various sizes and shapes. For example, local chemical fluctuations in

MPEAs are characterized by irregular sub-nanometer regions, while interfaces in metal-

lic nanolaminates and He bubbles in irradiated metals are two-dimensional and three-

dimensional obstacles, respectively. Accordingly, the demonstration of the interactions

between dislocations and these obstacles can provide a comprehensive understanding of

the mechanical performance of metals. The related investigations are expected to pro-

vide guidance on the design of novel metallic materials with extraordinary mechanical

performance.

1.2 Three chemically and microstructurally complex

metallic materials

In this thesis, three kinds of chemically and/or microstructurally complex metallic

materials are investigated, including MPEAs with local chemical fluctuations, metallic

nanolaminates with parallel interfaces and irradiated metals with He bubbles.
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1.2.1 Multi-principal element alloys

As a new class of metallic crystalline materials, MPEAs, also named medium en-

tropy alloys (MEAs) for ternary systems and high entropy alloys (HEAs) for quaternary,

quinary, or senary systems, have been the focus of the researchers in the structural met-

als research community [2, 3, 13, 14, 15, 16, 17]. These novel alloys are comprised of

atoms of, not one main element, but multiple principal elements, distributed in nearly

equiatomic proportions at crystalline lattice sites, with typically either a face-centered

cubic (FCC) or body-centered cubic (BCC) arrangement (see Figure 1.1 for example).

Figure 1.1: The atomic configurations of FCC CoCrNi MEA.

In solid solution, the nominal compositions of MPEAs lie in the central region of

their multi-component phase diagram [3, 17, 18]. In contrast, traditional alloy systems

consist of one dominant element, making up the matrix, and several other elements at

substantially smaller proportions. As a result, the compositions of the traditional alloys

are located at the corners of phase diagram. Here, the MoNbW ternary system is taken

for example. The respective occupied regions of MoNbW MPEAs and the corresponding

conventional alloys are shown in Figure 1.2.

Over the past two decades, MPEAs have attracted increasing attention, due to their
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Figure 1.2: The respective occupied regions of MoNbW MPEAs and the corresponding
conventional alloys with Mo, Nb or W as the dominant element in a ternary phase
diagram. The conventional alloys are located at the corners, while MPEAs lie in the
central region. Taken with permission from Ref. [18].

superior mechanical properties [19, 20, 21]. Compared to the conventional metallic mate-

rials and non-metallic materials, MPEAs show a combination of high fracture toughness

and high yield strength [22], as shown in Figure 1.3. Figure 1.4 illustrates MPEAs have

a higher strength for the unit density (i.e., specific strength) than the other materials [2].

The unusual and desirable performance of MPEAs have motivated researchers to iden-

tify relationships between the active mechanisms and the atomic-scale properties unique

to MPEAs. Given the mix of neighboring atoms with different atomic sizes, lattice dis-

tortion (LD) is one inevitable property within MPEAs [23] (see Figure 1.5 for example).

LD varies with the types of atomic species in the MPEA [24, 25, 26]. Zhao et al [27, 28]

built a theoretical model that forecasts a linear correlation between LD and the lattice

friction stress in FCC MPEAs and speculated that the LD-induced high friction stress

gives MPEAs their high strength. Wang et al [29] found that LD results in varying dislo-

cation dissociation widths along the dislocation line and influences dislocation motion by

introducing a relatively higher energy barrier, which leads to its high strength. Yin and

Curtin [30] suggested that the excellent strength in the CoCrFeNiPd HEA, compared to

the CoCrFeNi HEA, can be mainly attributed to the significant misfit volume of Pd with
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Figure 1.3: Fracture toughness as a function of yield strength for various materials.
The figure is taken from Ref. [22], an open access article published under the Creative
Commons license.

Figure 1.4: Yield strength as a function of density for various materials. The figure
is taken with permission from Ref. [2].
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the other four elements in the mix, i.e., Co, Cr, Fe and Ni.

Figure 1.5: (a) Pure BCC metal with regular atomic arrangement and (b) BCC MPEA
with LD and distorted atomic arrangement. The figure is taken from Ref. [23], an
open access article published under the Creative Commons license.

In addition to LD, atomic-scale fluctuations in composition and configuration can

also affect the selection of deformation mechanisms. An ideal, statistically uniformly

random ensemble of atoms in an MPEA likely exists only at high temperatures. At low

temperatures or after long-time annealing, however, a random atomic distribution would

decompose into local chemical ordering of certain compositions [31]. As an example, Fig-

ure 1.6 illustrates the atomic configurations of CoCrNi MEA in the atomistic simulation

after annealing respectively at 1350, 950, and 650 K. It can be seen that lower annealing

temperature results in more significant local chemical ordering [32], which is characterized

by CoCr clusters and Ni segregations. If such ordering leads to desirable mechanisms, the

range of composition fluctuations can be tailored by choosing the processing or annealing

temperature and time schedules. Thus, another critical question arises concerning the

influence of short-range chemical ordering on mechanism selection and overall strength

and ductility. To this end, the classic concept of chemical short-range order (CSRO)

[33, 34, 35] has been adopted by MPEA researchers to quantify the deviation from ideal

atomic randomness. Direct observation of CSRO in CoCrNi MEA was recently achieved

by TEM analysis [36], denoted by the white spots in Figure 1.7(b).
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Figure 1.6: The atomic configurations of CoCrNi MEA after annealing at three dif-
ferent temperatures of (a) 1350, (b) 950, and (c) 650 K, respectively. The scale bar
is 3 nm and the red dashed lines indicate the boundaries between CoCr regions and
Ni segregations. The figure is taken from Ref. [32], an open access article published
under the Creative Commons license.

Figure 1.7: Energy-filtered dark-field TEM images for the CoCrNi samples (a) without
CSRO and (b) with CSRO, respectively. White arrows indicate the g vectors and then
the perture positions. The figure is taken with permission from Ref. [36].
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Both LD and CSRO pertain to local chemical fluctuations in MPEAs. On the mod-

eling side, however, to date, most atomic-scale simulations on the plastic behavior of

single crystal (SC) and nanocrystalline (NC) MPEAs under tension, compression or

shear [37, 38, 39, 40, 41, 42] utilize ideally random atomic configurations. Therefore,

only the effects of LD and not CSRO were taken into account. A few recent computa-

tional studies have considered CSRO. Ding et al [43] conducted density functional theory

(DFT) calculations to study the effect of CSRO in CoCrNi MEA on stacking fault en-

ergy (SFE) and obtained a monotonic rise in the SFE, ranging from the negative to the

positive values, with increasing degree of CSRO. Also using DFT calculations, Yin et

al [44] showed CSRO can reduce the spatial heterogeneity of dislocation core energies

and narrow their distribution in a BCC HEA via DFT calculations. Li et al [32] utilized

atomistic simulations to investigate how CSRO influences dislocation motion in CoCrNi

MEA. They found the local CSRO distribution determines the fluctuations in the local

energy barrier, requiring segments of a long dislocation to depin from the higher energy

barrier locations, thus increasing the strength of the MPEA. Via atomistic simulations in

FCC HEA, Antillon et al [45] demonstrated that the critical stress to unpin a dislocation

rises with increasing levels of CSRO.

1.2.2 Metallic nanolaminates

In recent years, metal-based nanolaminates have been the focus of intense research,

due to their excellent mechanical performance [46, 47, 48], e.g., high ductility [49], high

strength [50], fatigue resistance [51], and the stability under irradiation [52, 53, 54, 55, 50].

Nanolaminates consist of alternating nanometer-scale layers, and among those studied,

the layer compositions can be the same material, such as in nanotwinned Cu [56, 57]

and nanotwinned Ag [58], or different materials, such as in Cu/Ag [55, 59], Cu/Nb [60],
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Mg/Ti [61], and Zr/Nb [62, 63] bimetal nanolaminates. Figure 1.8 displays the Cu/Nb

nanolaminates in bright-field TEM images as an example. The layers in nanolaminates

can be either single crystalline [64] or nanocrystalline layers [58, 57, 65]. In some cases,

one phase in the composite may be a ceramic [66, 67] or an amorphous metal [68], while

the other phase is a crystalline metal. Their exceptional strengths and other mechanical

properties are closely related to the dislocation-based deformation mechanisms occurring

in the metal layer [5, 6, 69].

Figure 1.8: Bright-field TEM images for the Cu/Nb nanolaminates with the modula-
tion layer period of (a) 150 nm and (b) 20 nm. The figure is taken with permission
from Ref. [70].

For the metal layers, many of these mechanisms and how they operate depend on

the nanolayer thickness [6, 47]. The schematic is shown in Figure 1.9. For large layer

thicknesses, greater than 100 nm, the layer is sufficiently thick to allow dislocation pile-

ups to form [71, 72, 73, 74]. The strength/flow stress scales as 1/
√
L, where L is the layer

thickness [75, 76]. This relation follows the well known Hall-Petch law [77, 78], which

describes the increase in strength of polycrystalline materials with decrease in grain size.

For intermediate layer thicknesses, i.e., 5 to 100 nm [5], dislocation glide becomes confined

between two parallel interfaces under applied stress [79]. Such confined layer slip (CLS)

by the dislocation has been related to nanolaminate strength [80, 81, 82, 83, 84]. In
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the CLS theory, the strength scales with ln(L)/L, unlike that of Hall-Petch, 1/
√
L. For

extremely small L, generally less than 5 nm, the main mechanism becomes dislocation

interface crossing [85, 86]. In this case, L is too thin for CLS and pile ups to be possible.

The dislocation must be able to transmit across the interfaces to propagate [84, 87, 88].

In this regime, nanolaminate strength becomes independent of L and determined by the

interface barrier strength.

Figure 1.9: Schematic of the dislocation mechanisms in laminates with varying layer
thickness. The figure is taken with permission from Ref. [89].

The typical range for L in most studied nanolaminates spans from 5 nm to 100

nm [90], bringing the CLS model into focus. The original CLS theory stems from the

analysis by Freund [91] on the motion of threading dislocation in the strained layer on

the substrate. Applying this analysis to a nanometer thin film sandwiched between an

oxide layer and substrate, Nix [80] derived the critical biaxial normal stress to propagate
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the threading dislocation as

σb =
sinχ

cosχ cos γ

b

2π(1− v)L

[
GfGs

(Gf +Gs)
ln

(
βsL

b

)
+

GfGo

(Gf +Go)
ln

(
βoLo

b

)]
, (1.1)

where χ and γ are the angles between film normal and the normal of the slip plane

and the Burgers vector, respectively; b, v, G, and β are the Burgers vector magnitude,

Poisson’s ratio, shear modulus, and a numerical constant, respectively. Subscripts f, s,

and o respectively denote the film, substrate, and oxide layers. Comparison between

Equation 1.1 and experimental results on a polycrystalline aluminum thin film between

a Si substrate and oxide layer found that this formula underestimates strength. To better

describe the measurement, Nix [80] added a Hall-Petch term to Equation 1.1 to account

for the effect of grain size dc:

σb =
sinχ

cosχ cos γ

b

2π(1− v)L

[
GfGs

(Gf +Gs)
ln

(
βsL

b

)
+

GfGo

(Gf +Go)
ln

(
βoLo

b

)]
+

k√
dc
,

(1.2)

where k is a constant. Later, Embury and Hirth [82] pointed out the stress to move a sin-

gle dislocation within the lamella follows a Orowan-like relation, in which the dislocation

bows out in the glide plane, while being held back at the dislocation/interface junctions.

The increase in line tension associated with bowing results in resistance to dislocation

motion, expressed as:

τ =
Gb

π(1− v)L
ln

(
h

2πb

)
, (1.3)

where h is a characteristic length. Applying it to CLS in bimetal nanolaminates, Misra

et. al. [89] extended Nix’s analysis (Equation 1.1) to obtain a CLS shear stress, given by

τ =
Gb sinχ

8πL

(
4− v
1− v

)
ln

(
αL

b sinχ

)
, (1.4)
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where α denotes a core cutoff parameter, which is related to the radius of dislocation core,

rcore, via α = b/rcore [92]. χ takes on the same definition as in Equation 1.1. The model

was extended by Misra et. al. [89] to describe measured strengths of nanolaminates

obtained from hardness tests applied normal to the layers.

To fit the experimental data well, the term involving the interface stress effect f/L

was also added by Misra et. al. [89] and the CLS normal stress is modified as

σ = T
Gb sinχ

8πL

(
4− v
1− v

)
ln

(
αL

b sinχ

)
− f

L
. (1.5)

For the first term, the critical shear stress in Equation 1.4 is related to the normal

stress σ by Taylor factor T . The second term is the interface stress effect f/L, where

f is the change in interface energy with straining and has the same units as interface

energy (J/m2). The authors had also added a third term to Equation 1.5 to reflect the

resistance from the interfacial dislocations in the interface:

σ = T
Gb sinχ

8πL

(
4− v
1− v

)
ln

(
αL

b sinχ

)
− f

L
+

Gb

(1− v)λ
, (1.6)

where λ is interfacial dislocation array spacing. Equation 1.6 provided a good fit to the

measured strengths of Cu/Nb nanolaminates down to a L of 2 nm. Recently, Subedi

et. al. [90] proposed another form for the CLS normal stress based on the Hall-Petch

equation

σHP = σ0 +
k√
L
, (1.7)

where σ0 is the friction stress that is independent of grain size or L. This model was

shown to also provide a suitable model for flow strength, down to L of 5 nm, for a

broad variety of nanolaminate systems. The coefficient k traditionally has been related

to the shear modulus G, dislocation Burgers vector b, and the resistance against slip
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transmission [93]. Subedi et. al. [90] additionally related k to the density of interfacial

dislocations, revising the strength σHP in Equation 1.7 as

σHP = βGb

√
ρint
L
, (1.8)

where β is a constant and ρint denotes the density of interfacial dislocations.

In-situ TEM studies have directly observed CLS in both Cu and Nb layers within

Cu/Nb nanolaminates with L of a few tens of nanometers [94]. However, it is still

challenging to trace the motion of a single dislocation and estimate the local interface

resistance to CLS.

1.2.3 Irradiated metals

As a kind of high-power energy, nuclear energy is crucial to the modern society and

has received increasing attention. For example, nuclear energy has become an impor-

tant source of electricity and about 12% of electrical power worldwide was provided by

nuclear power plant in 2011 [95]. Accordingly, a large amount of nuclear reactors are

in service. Deployed in these nuclear fission reactors, the metallic materials suffer from

a harsh irradiation environment that involves high-energy neutron bombardment and

nuclear reactions [96]. Such reactions generate large amounts of helium (He), which usu-

ally develop into He bubbles due to low solubility in metals at room temperature [97].

Figure 1.10 and Figure 1.11 show the He bubbles in BCC tungsten and FCC nickle,

respectively.

The appearance of He bubbles results in swelling [100], surface blistering [101, 102],

strain hardening [60, 103, 104], and macroscopic embrittlement [105]. Figure 1.12 and

Figure 1.13 display radiation blisters and strain hardening induced by He implantation in

Cu, respectively. In addition, Figure 1.13 demonstrates nano-sized He bubbles strengthen
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Figure 1.10: Bright-field TEM images of (a) BCC tungsten sample with He bubbles
and (b) nanocrystalline tungsten with He bubbles on grain boundaries and in the
grain matrix. The figure is taken with permission from Ref. [98].

Figure 1.11: He bubbles in FCC nickle. The figure is taken with permission from Ref. [99].
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single crystal Cu pillar significantly.

Figure 1.12: Scanning electron microscope images of radiation blisters in Cu induce
by He implantation. The figure is taken with permission from Ref. [102].

Figure 1.13: (a) TEM image of nano-bubbled single crystal Cu pillar under tension
and (b) engineering/true stress-strain curves of single crystal full density Cu and
nano-bubbled Cu pillars. The figure is taken with permission from Ref. [106].

Among all above changes in metals induced by He bubbles, strain hardening stems

from the impediment posed by He bubbles to dislocation motion [60, 106, 97], and sub-

stantially alters the mechanical properties of metals over time. Understanding these mi-

croscopic interactions is imperative towards designing the next generation of irradiation-

resistant materials to sustain long service lives of nuclear energy systems.
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1.3 Objectives

Considering dislocation dynamics in three representative chemmical and microstruc-

turally complex metallic materials, i.e., MPEAs, metallic nanolaminates and irradiated

metals with He bubbles, the following research objectives are proposed:

1. Identify the effects of LD and CSRO separately on the nucleation and propagation

of dislocations in MPEAs.

2. Reveal how CLS occurs at nano scale and the effects of interface structure, layer

thickness and dislocation distribution on CLS motion.

3. Demonstrate the effects of He atom density in the bubble and bubble spacing on

the interaction between dislocation and He bubble.
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Background

2.1 Atomistic simulations

In this thesis, a series of atomistic simulations are performed, including molecular

statics (MS) simulation, molecular dynamics (MD) simulation and Monte Carlo (MC)

simulation. With the rapid development of supercomputer technology, it is available for

the scientists to conduct atomistic simulations in a multi-particle system with millions of

atoms up to tens of nanoseconds [107, 108, 109, 110]. Generally, Newton’s equations of

motion governs the motions of all atoms in the simulation [111]. By utilizing numerical

methods to solve the equation of motion, the position and velocity of each atom can

be obtained. Then, the atomic trajectory can be recorded. Atomistic simulations can

not only capture the nano-scale details on atomic motions, but also obtain the informa-

tion about some macroscopic properties, e.g., pressure, temperature or energy. Using

atomistic simulations, it is convenient to simulate the deformation process in materi-

als at nano scale, contributing to a better understanding of deformation mechanism of

materials. Due to the increasingly excellent performance in the field of computational

material science, atomistic simulation is served as a powerful supplement to the in-situ
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nanomechanical experiments. Before starting atomistic simulation, atomic model needs

to be built and some basic settings are required, such as interatomic potential, ensemble,

boundary condition and so on. This section introduces briefly these concepts.

2.1.1 Interatomic potential

In atomistic simulation, interatomic potentials, the mathematical functions, are uti-

lized to calculate the potential energy of atoms in a multi-particle system. To obtain

accurate simulation results, it is crucial to choose the appropriate interatomic potential

for atomistic simulation. For the atomistic simulations of metallic materials, embedded-

atom method (EAM) potential is the most common [112]. In the simulation, the potential

energy of the ith atom is

Ei = Fα

(∑
j 6=i

ρβ (rij)

)
+

1

2

∑
j 6=i

φαβ (rij) ri, (2.1)

where α and β are the respective element types of the ith and jth atoms, while rij is

their distance. ρβ describes the jth atom’s contribution to the electron charge density at

the location of the ith atom and Fα is the embedding energy function of ρβ, representing

the energy required to place the ith atom into the electron cloud. φαβ denotes the pair

potential interaction between the ith and jth atoms. In this thesis, all the potentials

utilized in various atomistic simulations are EAM potentials.

2.1.2 Ensemble

Ensemble is the basic concept of statistical mechanics, denoting the set of multi-

particle systems [113]. From the laws of classical or quantum mechanics, a thermody-

namics ensemble is utilized to derive the thermodynamic properties of a system [114]. In
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MD and MC simulations, ensemble is required for thermostatting and barostatting, and

the common ensembles are canonical, microcanonical and isothermal-isobaric ensembles

[111]. Under canonical ensemble, also called NVT ensemble, the atom number (N), vol-

ume (V) and temperature (T) of a multi-atom system keep fixed; under microcanonical

ensemble, also called NVE ensemble, the atom number (N), volume (V) and total energy

(E) of this system are constant; under isothermal-isobaric ensemble, also called NPT

ensemble, the atom number (N), pressure (P) and temperature (T) of the system are

unchanged. By using various ensembles, the time integration on the equation of motion

is performed in different ways.

2.1.3 Boundary condition

The boundary conditions in atomistic simulations are mainly divided into periodic

boundary condition (PBC) and non-periodic boundary condition (NPBC) [111]. When

PBC is applied along a specific direction, the simulation box is replicated along this

direction. As shown in Figure 2.1, atoms exiting one end of the box along the periodic

direction will enter the box again from the other end. By contrast, NPBC along three

directions means an isolated simulation box without image atoms around. For a specific

direction with PBC, the box length along this direction should be large enough to avoid

the self-interactions of atoms. Therefore, the box length Lbox should be not smaller than

two times the short-ranged cutoff radius of the EAM potential Lc, i.e., Lbox ≥ 2Lc

2.1.4 Molecular statics simulation

MS simulation is usually conducted to find the local potential energy minimum of

the atomic system, which is realized by energy minimization. In MS simulation, there

are several prevalent optimization algorithms for energy minimization, including steep-
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Figure 2.1: Schematic of two-dimension periodic boundary conditions in atomistic
simulation. The simulation box lies in the center and is surrounded by its periodic
images. The black and blue circles are the atoms in the simulation box and its image
boxes, respectively. The figure is taken with permission from Ref. [115].

est descent (SD) [116], Hessian-free truncated Newton (HFTN) [117], conjugate gradient

(CG) [118], quick-min (QM) [119] and fast inertial relaxation engine (FIRE) [120] al-

gorithms. When energy minimization is performed, the atom coordinates are adjusted

iteratively until the pre-defined criteria is satisfied, such as the stopping tolerance for

energy, the stopping tolerance for force, the max iterations of minimizer and the max

number of force/energy evaluations. After energy minimization, the atomic configuration

is hopefully in the local minimum of the potential energy landscape. The optimization

algorithms are listed below:
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SD algorithm

The SD algorithm initiates the search along the force vector, i.e., negative gradient of

energy. Although the SD algorithm is often slower than the other algorithms, it is more

robust in some cases.

CG algorithm

The CG algorithm starts a new search direction for each iteration, which is conju-

gate or perpendicular to the last search direction and is determined by the computation

combining the force gradient and the previous iteration information. Although various

versions of CG algorithm may differ slightly in the computation of the conjugate search

direction, their main routes are similar.

HFTN algorithm

The HFTN algorithm is much faster than the SD algorithm, but it requires a quadratic

model of the energy potential to be solved by using CG iteration. Thus, the HFTN

algorithm usually behaves similarly to the CG algorithm. When the search approximates

a local energy minimum, this algorithm possesses a quadratic convergence rate to high

accuracy. Therefore, it is a good substitute for the CG algorithm when the optimization

of CG algorithm is satisfactory.

QM algorithm

The QM algorithm is a damped dynamics algorithm and requires the setting of

timestep. For each atom, the related damping parameter corresponds to the projection

of the velocity vector of this atom along its force vector.
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FIRE algorithm

The FIRE algorithm is also a damped dynamics algorithm. Different from QM algo-

rithm, it utilizes a variable timestep during optimization. If the optimization result at an

iteration is good, the timestep increases for the next iteration; otherwise, the timestep

decreases. In addition, this algorithm always keeps the velocity components of each atom

non-parallel to its force vector by changing the projection.

2.1.5 Molecular dynamics simulation

Compared to MS simulation that aims to obtain the optimized atomic configuration,

MD simulation describes the motions of atoms in a system, involving the concepts of

time and temperature. Thus, ensemble needs to be employed in MD simulations. The

dynamics of the system is governed by

mi
d2ri
dt2

= −dU(r)

dri
, (2.2)

where mi and ri represents the mass and position of the ith atom, respectively. U(r) is

the total potential energy of all atoms in the system. In MD simulation, timestep ∆t

needs to be defined. The position and velocity of each atom are able to be obtained by

using different integration algorithms, e.g., Velocity Verlet Algorithm [121] and Leap-Frog

Algorithm [122]. They are also introduced below.

Velocity Verlet Algorithm

Velocity Verlet algorithm refers to

ri(t+ ∆t) = ri(t) + vi(t)∆t+
1

2
ai(t)∆t

2 (2.3)
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and

vi(t+ ∆t) = vi(t) +
1

2
(ai(t) + ai(t+ ∆t)) ∆t, (2.4)

where ri, vi and ai are the position, veloccity and acceleration of the ith atom, respec-

tively. Note that ai = Fi/m, where Fi is the force applied on the ith atom.

Leap-Frog Algorithm

Leap-Frog algorithm is applied according to

ri(t+ ∆t) = ri(t) + vi

(
t+

1

2
∆t

)
∆t (2.5)

and

vi

(
t+

1

2
∆t

)
= vi

(
t− 1

2
∆t

)
+ ai(t)∆t (2.6)

2.1.6 Monte Carlo simulation

Besides MD simulation, Metropolis MC simulation is another dynamics simulation

applied in this thesis. Figure 2.2 illustrates the algorithm of Metropolis MC simula-

tion. The initial configuration in MC simulation corresponds to state A. First, the

random number generator generates the random numbers that initiate the random dis-

placement of each atom, resulting in a new atomic configuration and the corresponding

state B. If the energy of state B is lower than that of state A, state B and the new

configuration are accepted. Otherwise, a new random number p is drawn between 0 and

1. If p < exp
[
−H(B)−H(A)

kBT

]
, state B and the new configuration are still accepted; if

p > exp
[
−H(B)−H(A)

kBT

]
, state B is rejected and a new iteration starts by applying random

perturbation. In addition, the loop also terminates if the pre-defined iteration frequency

NA is reached. After the satisfactory state B and the related configuration are obtained,
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the ensemble average is calculated.

Figure 2.2: Algorithm of Metropolis MC simulation. The figure is taken with permis-
sion from Ref. [111].

MC simulation is employed for the equilibrium processes from stable state A to an-

other stable state B. By contrast, MD simulation can involve both equilibrium and

non-equilibrium processes. Thus, MD simulation can simulate the dynamical trajectory

of each atom in the system from an unstable state A to a stable state B. In addition,

the combination of MD and MC simulations is available, such as hybrid MD/MC simu-

lation. In this thesis, hybrid MD/MC simulation is performed to construct the atomic

configurations of the MPEAs with chemical ordering via a series of transmutation moves

and thermostat relaxations.
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2.1.7 Software for atomistic simulations and visualization

Nowadays, there are some excellent open-source codes for atomistic simulation, e.g.,

Large-scale Atomic/Molecular Massively Parallel Simulator (LAMMPS) [123] and IMD

[124]. In this thesis, LAMMPS is applied for the above atomistic simulations and their

hybrid simulations, e.g., hybrid MD/MC simulation. Using LAMMPS, the atomic con-

figuration files containing the position and velocity of each atom are output, which can

be visualized by some open-source codes. The visualization tool used in this thesis is

OVITO [125], which is available for Windows, Linux, and macOS system.

2.2 Dislocation theory

Dislocation is an important line defect in metallic materials and its appearance results

in an abrupt change in the atomic arrangement. Accordingly, the lattice around disloca-

tion core becomes distorted. Dislocation is generated during the plastic deformation and

serves as the main carrier of the plasticity. The nucleation and movement of dislocations

dominate the deformation mechanism of metals.

2.2.1 Dislocation types

There are two distinct types of dislocations, i.e., edge and screw dislocation, as shown

in Figure 2.3. The edge dislocation brings an extra half plane of atoms to the perfect

lattice structure and the extra half plane of atoms terminates at the dislocation line that

is denoted by the symbol “⊥” and perpendicular to the paper plane. By contrast, the

screw dislocation distorts the lattice structure along its dislocation line l. Both edge

and screw dislocations induce lattice distortion, and their magnitude and direction are

quantified by Burgers vector b. To show edge dislocation in the crystal structure in

26



Background Chapter 2

Figure 2.3(a), an open circuit, i.e., ABCDE, is created around dislocation line. Among

ABCDE, AB and CD, as well as BC and DE, have the same spacing, respectively. The

vector b to close the circuit is Burgers vector. Similarly, the Burgers vector b of screw

dislocation is also shown in Figure 2.3(b). It is easy to see Burgers vector and dislocation

line are perpendicular to each other for edge dislocation, while they are parallel for screw

dislocation.

In addition, the angle between the Burgers vector and the direction of dislocation line

is denoted as character angle φ. Thus, φ = 90◦ for edge dislocation, while φ = 0◦ for screw

dislocation. In addition to edge and screw dislocations, there are some other dislocations

whose Burgers vector and dislocation line are neither perpendicular nor parallel to each

other. These dislocations are mixed dislocations and their character angle φ is neither

90◦ nor 0◦. The mixed dislocation can be regarded as the mixture of edge and screw

dislocations.

Figure 2.3: The atomic arrangement around (a) edge and (b) screw dislocations. The
Burgers vector b is highlighted for both dislocations. Adapted from Ref. [126].

In FCC crystals, a full dislocation usually decomposes into a pair of partial disloca-
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tions, between which there is a stacking fault. Related to stacking faults, these partial

dislocations are also called Shockley partial dislocations and they are mobile. In addition,

there are some sessile or immobile partial dislocations in FCC crystals, e.g., Frank par-

tial dislocations. All Shockley partial and Frank partial dislocations can combine to form

the Thompson tetrahedron, as shown in Figure 2.4. The Burgers vectors of the disloca-

tions in the FCC system are denoted by the standard Thompson’s notation [127]. The

dislocation reactions in FCC crystal are also indicated in this Thompson tetrahedron.

Figure 2.4: The Thompson tetrahedron opened up at the corner D. The ‘>’ in the
number notation implies the vector direction.
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2.2.2 Nucleation and multiplication of dislocations

When the plastic deformation initiates, dislocations nucleate in the metallic materials.

If dislocations are created in an area without any defect, the dislocation nucleation is

homogeneous nucleation. By contrast, it is more common for dislocations to nucleate at

a stress concentration or around some defects with stress concentration [10].

Figure 2.5: Schematic of Frank–Read mechanism. The figure is taken with permission
from Ref. [126]

After dislocation nucleation, the multiplication of dislocations occurs as the plastic

strain increases. There are two main multiplication mechanisms, i.e., Frank-Read sources

[128] and double cross slip [129]. Figure 2.5 demonstrates Frank–Read mechanism. First,

the dislocation segment BC lies on the slip plane α and its ends are pinned by the

obstacles. Under an applied shear stress τ , the dislocation tends to bow out. As the

dislocation bows out, the curvature radius R of the segement BC decreases and the

force per unit length exerted by τ on this dislocation segment increases according to

F = τds/R, where ds means BC is sectioned off. At the critical point in Figure 2.5(c),
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the force reaches its maximum and the curvature radius is equal to its minumum, i.e.,

BC/2. A dislocation loop is created, when P and P ′, two dislocation segments with

the opposite Burgers vectors, touch each other. This new dislocation loop continues to

expand, and another segment repeats the previous steps to generate another loop. In

this way, the multiplication of dislocations occurs.

Figure 2.6: Schematic of double-cross-slip multiplication. The figure is taken with
permission from Ref. [126]

Double cross slip is another multiplication mechanism, which works for the double-

cross-slip screw dislocation. When a screw dislocation cross slips twice to a plane parallel

to the original slip plane, a Frank–Read source is generated, as shown in Figure 2.6.

2.2.3 Dislocation movement

Here, some concepts about dislocation movement, including glide, climb and cross

slip, are introduced. Glide is a basic type of dislocation movement [10]. Generally, the

plane containing both Burgers vector and dislocation line is glide plane. If a dislocation

can move on this plane, it is glissle; otherwise, it is sessile. For edge dislocation, it only

has one glide plane, since its Burgers vector is perpendicular to its dislocation line. By

contrast, the Burgers vector of a screw dislocation is parallel to its dislocation line and

thus, it can slip on any plane containing its dislocation line.

For edge dislocation, it is able to move out of the glide plane rather than maintaining

on the same plane, which is defined as climb. The climb is driven by the movement

of vacancies and is usually promoted at high temperature [92]. Figure 2.7 shows the
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schematic of dislocation climb. The substitution between atoms in dislocation core and

vacancies results in the climb of dislocation.

Figure 2.7: Schematic of dislocation climb. The solid and hollow circles represent
atom and vacancy, respectively. The figure is taken from Ref. [130], an open access
article published under the Creative Commons license.

Figure 2.8: Schematic of cross slip of screw dislocation. The figure is taken with
permission from Ref. [10]

For screw dislocation, it is able to move from one glide plane to another only if both

glide planes contain its dislocation line. This is called “cross slip” and is related to the

characteristic of screw dislocation, i.e., the dislocation line of screw dislocation is parallel
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to its Burgers vector. Figure 2.8 demonstrates a screw dislocation with Burgers vector

b = (1/2)[1̄01] initially glides on the (111) plane until it touches the intersection line S

of the (111) and (11̄1) planes, where local stress induces the dislocation changes its glide

plane. Then, the dislocation glides on the new (11̄1) plane from AB to CD, where cross

slip occurs again (see Figure 2.8(d)). Finally, the dislocation returns back to the (111)

plane after double cross slips.
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Dislocation dynamics in

multi-principal element alloys

3.1 Introduction

Chapter 1.2.1 provides a brief overview of MPEAs and their local chemical fluctua-

tions, i.e., LD and CSRO. Among all MPEAs, those with CoCrNi-based FCC compo-

sitions have served as prime examples of the plethora of enhanced structural properties

MPEAs can offer. These MPEAs have demonstrated high strength, ductility, fracture

toughness, impact and radiation resistance [131]. The two more popular MEAs in this

class are the CoCrFeMnNi HEA (also known as the Cantor alloy, the original MPEA)

[132] and the CoCrNi MEA [133]. Both alloys possess outstanding fracture toughness

at room and cryogenic temperatures [134, 22]. Superior to the Cantor alloy, the CoCrNi

MEA also achieves high tensile strength, ductility and toughness [135]. Recently, a se-

ries of experiments were conducted to investigate the tensile behavior of CoCrNi MEA

at cryogenic and room temperatures [136, 137, 138, 139, 140, 141, 142, 143]. Again

they find that this MEA exhibits a multiplicity of deformation mechanisms, including
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multiple slip in the early stages of straining, followed by a high propensity for nanotwin-

ning or hierarchical twin network formation. To further tailor the mechanical properties

of CoCrNi MEA, some researchers have attempted to introduce nanotwins or disloca-

tions/stacking faults (SFs) by pre-deformation, involving torsion [144, 145, 146, 147],

cold rolling [148, 149], pulsed laser surface treatments [150] and shape-preserving ma-

chining [151]. They found that the subgranular twins or SFs influenced defect evolution

during subsequent straining and the change resulted in enhancements in the strength and

ductility.

To identify the effects of LD and CSRO separately and to understand their role in

changing MPEAs mechanisms or mechanical response, it helps to compare them with a

pure metal or traditional alloy that lacks LD or CSRO. Most calculations or experiments

to date, however, study dislocation behavior in MPEAs with LD and/or CSRO in an

absolute sense. For instance, experimentally, the local atomic structure of the MEA

CoCrNi, measured by the extended x-ray absorption fine structure (EXAFS) technique

[152], is the average of LD and CSRO over a relatively large volume of material. Some

atomistic studies have engaged a single element reference material, to which MPEA

computations are compared. For examples in Ref. [153, 154], one or more of the pure

metal components of the MPEA have been selected for the reference material. However,

such a comparison, while intuitive, may not be straightforward, since pure metals have

other physical properties distinct from their parent MPEA alloy, apart from just lack of

LD and CSRO. As a possible reference, Varvenne et al. [155] proposed a hypothetical pure

metal produced by an average-atom (A-atom) interatomic potential [156]. Originating

from the embedded-atom-method (EAM) alloy potential, the A-atom potential provides

a mean-field representation of the MPEA, by approximating the interaction between any

two constituent elements as a weighted average. The single atom bond properties are

consistent with that of the average MPEA. They showed that it calculates bulk average
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properties of the random MPEA. Another work [157] demonstrated the similarity in

the generalized stacking fault energy (GSFE) curves obtained by the A-atom and alloy

potentials for two BCC MEAs (MoNbTi and NbTiZr).

In this chapter, the MD method is utilized to study the effects of LD and CSRO on

the deformation mechanisms and tensile behavior of SC and NC CoCrNi MEA. To help

reveal their effects in isolation, calculations are repeated on the A-atom alloy with no LD

or CSRO. To obtain MEAs with different CSRO, hybrid MD and MC simulations are

performed using three different annealing temperatures. Two SC orientations, one known

to produce twins in pure FCC SCs and another not, and two deformation temperatures,

1 K and 300 K, to address thermal effects are considered. In the SCs and NCs of both

MEAs and the A-atom material, yield is controlled by the strain to first nucleate Shockley

partials (SPs). It is found here that LD lowers the critical strain to form SPs, while CSRO

increases it, causing the A-atom SC material to achieve the highest strength and the SC

random MEA the lowest. The SPs preferentially nucleate inside the CoCr clusters, but

with higher CSRO, find it harder to propagate away from these nucleation site. After

yield, both LD and CSRO lead to slower moving SPs, lower densities of mobile SPs, and

more nanotwins. Last, in NC MEAs, both higher densities of mobile SPs and further

enhancements in strength can be achieved by introducing subgranular nanotwins prior

to mechanical deformation.

3.2 Methodology

MD calculations are performed using LAMMPS [123]. The atomic interactions within

the MEA Co-Cr-Ni system are represented by the EAM interatomic potential developed

by Li et al [32], which has been used in a few recent MD studies involving dislocation

nucleation and motion [32, 159]. Based on this EAM potential, an A-atom potential
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Figure 3.1: The atomic configurations of (a) nanocrystals (NC) and those with (b) twin
boundaries (TBs) or (c) intrinsic stacking faults (ISFs) inserted. Face-centered cubic
(FCC), TB, SF atoms and those with unknown coordination structure are colored by
green, blue, red and gray, respectively. The inserted TBs and ISFs are at the same
positions of the grains and the spacing between TBs or ISFs is 2 nm. The figure is
taken with permission from Ref. [158].

using the method in Ref. [155] is developed and then used for the A-atom material. This

A-atom potential can be downloaded from https://github.com/wrj2018/Acta_2020.

To build atomic-scale models of the SC and NC MEAs for loading, SC and NC models

of pure Ni are first built. The dimensions for both models are ∼ 27.2 nm × 27.5 nm

× 27.7 nm. With these dimensions, the SC Ni model has 1.84 million atoms and the

NC Ni sample 1.75 million atoms. The SC is oriented with its [110], [112] and [111]

aligned respectively with the x-, y- and z-axes. For the NC Ni model, the Poisson-

Voronoi tessellation method [160] is used to generate 27 randomly oriented grains with

an average size of ∼ 11.4 nm. The resulting nanostructure is shown in Figure 3.1(a).

For the NC sample, the role of pre-existing subgranular nanotwins and intrinsic stacking

fault (ISFs) on the deformation response is further investigated. The twin boundaries

(TBs) or ISFs are inserted into every grain with a spacing of 2 nm, following methods

described in Ref. [161, 162]. These nanostructures are built to contain the same density

of TBs or ISFs. Figure 3.1(b–c) presents the final NC structures containing subgranular

nanotwins and ISFs.

Next, the pure Ni SC and NC samples are used to create SC and NC CoCrNi MEAs

with completely random atomic distributions. The Ni atoms are randomly substituted by

Co or Cr atoms until the desired equal molar composition (Co:Cr:Ni = 1:1:1) is reached.
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The final result is referred to as the random SC CoCrNi and NC CoCrNi or MEA samples.

Figure 3.2: (a)-(c) The representative atomic configurations for 350KMDMC,
950KMDMC and random single crystalline (SC) CoCrNi samples, respectively. (d)
Pairwise chemical short-range order (CSRO) parameter α1

ij (see methodology) at 0 K,
(e) radial distribution function (RDF) g(r) at 0 K and (f) full width at half maximum
(FWHM) of g(r) at 0, 1 and 300 K for A-atom (see introduction) SC and various SC
CoCrNi MEA samples. CSRO parameters for the random sample in (d) and FWHM
for 0 K A-atom sample in (f) are unrecognizable due to an absolute value that is
very close to zero. In (e), FWHM of random sample is shown for example. Here,
350KMDMC, 950KMDMC and 1350KMDMC denote the samples annealed at 350 K,
950 K and 1350 K during hybrid MD/MC simulations, respectively. Random and
A-atom refer to samples with an ideally uniform random atomic distribution and a
mean-field model of the MEA produced by an A-atom potential, respectively. The
figure is taken with permission from Ref. [158].

Starting with the pure Ni SC and NC samples, three classes of structures of distinctly

different CSRO were created with the same nominal chemical composition using a hybrid

MD and MC simulation method. First, using the MC technique, the chemical poten-

tial differences between Ni and Cr or Co are determined under the semi-grand-canonical

(SGC) ensemble at 1500 K. The values obtained from this step are ∆µNi−Co = 0.021

eV and ∆µNi−Cr = –0.32 eV. Next, the hybrid MD/MC method is employed under the

variance-constrained semi-grand-canonical (VCSGC) ensemble for three different anneal-

ing temperatures of 350, 950 and 1350 K. For this step, the MD timestep is set to 2.5 fs

[32]. During the MD simulations with the NPT ensemble, the samples are equilibrated

37



Dislocation dynamics in multi-principal element alloys Chapter 3

at the prescribed annealing temperature. For every 20 MD steps, there is one MC cycle,

wherein VCSGC MC operations with ∆µNi−Co = 0.021 eV, ∆µNi−Cr = –0.32 eV and a

κ parameter of 1000 are performed on a quarter of the atoms, potentially resulting in

the replacement of some Ni atoms by Co or Cr atoms. After 60000 MC cycles, the equi-

librium configurations with the equimolar composition and thermodynamically correct

occupation of atomic sites are achieved. Last, these structures are then quenched to 1 K

and the system energy minimized until all three normal stresses are zero.

Figure 3.2(a–c) displays the atomic configurations for 350KMDMC, 950KMDMC and

random SC CoCrNi samples, respectively. ‘number+K+MDMC’ is used to denote the

sample obtained by hybrid MD/MC simulation at a specific annealing temperature. The

‘350KMDMC’, for instance, represents the sample created by using hybrid MD/MC sim-

ulation at 350 K. For NC samples, the name ‘number+K+MDMC’ is followed by ‘NC’,

‘NC-TB’ or ‘NC-ISF’, which represents the NC without TBs or ISFs inserted, the NC

with TBs inserted, and NC with ISFs inserted, respectively (Figure 3.1(a–c)).

As mentioned in the introduction of this chapter, a pure metal reference material

bearing the same mean properties of the MEA but no SRO or LD, called the A-atom

material, is constructed and tested alongside the MEAs. To build the SC and NC A-atom

counterparts, the same methods as those described for Ni but with A-atoms instead are

used.

For each structure, the degree of CSRO and LD are quantified. CSRO is measured

using Warren-Cowley SRO parameters, αnij =
pnij−cj
δij−cj , where n means the nth nearest-

neighbor shell of the central i-type atom, pnij denotes the probability of a j-type atom

being around an atom of type i within the nth shell, cj is the concentration of j-type atom,

and δij is the Kronecker delta function [34, 163]. Accordingly, a value of zero represents

a system with completely random atomic distribution. A tendency for segregation or

local ordering corresponds to a positive αnij for pairs of the same species (i.e., i = j) or
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a negative αnij for those of different species (i.e., i 6= j), respectively. Larger positive

values for same species pairs or larger negative values for unlike species pairs signify

higher degrees of CSRO. Average LDs for the sample are quantified based on calculating

and comparing the radial distribution functions (RDF) g(r) for the MEAs and A-atom

sample. The g(r) is defined as the first nearest neighbor shell (i.e., n = 1) over the

interatomic distance r.

The final SC and NC structures are used in subsequent deformation loading and

property calculations. In tensile loading, the NPT ensemble and periodic boundary

conditions (PBCs) along all directions are maintained, a constant strain rate of 5 × 108

s−1 is applied, and the MD timestep is reduced to 1 fs. To alter the LD in the MEAs, SC

and NC calculations at two loading temperatures (i.e., 1 and 300 K) are performed. In

the SC tests, two loading orientations, [110] or [111], are further considered. The [110]

sample is deformed along the x- and the [111] sample along the z-axis. Theoretically,

the [111] orientation in tension is known as a twinning orientation for pure FCC crystals,

since the stress state promotes the separation distance between two SPs of an extended

dislocation to continually expand under increasing stress [164, 165, 166, 167, 168]. The

[110] orientation is not expected to promote twinning, since the stress state continually

narrows the SP distance with increasing stress. Finally, in the NC tests, the samples are

deformed along the x direction. To achieve a uniaxial stress state in all the tests, a zero

normal stress is maintained along the other two directions.

To visualize the crystalline defects before and in each strain step, the dislocation

analysis (DXA) method [169] in OVITO [125] is used. Four types of defects will be

important in the analyses to come, i.e., stair-rods, Hirth locks, Shockley and perfect

dislocations. Stair-rods are associated with the sessile segments of Lomer-Cottrell locks,

while the stacking faults (SFs) of Lomer-Cottrell locks are counted separately as part of

the SF density. Both stair-rods and Hirth locks are sessile and hence regarded as barriers
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to dislocation motion [170], whereas SP dislocations and perfect dislocations are glissile

and enable plasticity. The crystal analysis method of [171] is also used to distinguish

SFs from coherent twin boundaries (TBs) and identify crystalline structures, such as

FCC, BCC and hexagonal close-packed (HCP). Last, the strain (or time) evolution of

the densities of nanotwins, TBs and SFs is monitored. In the NC samples, to consider

only lattice dislocations in the interior of grains, the grain boundary (GB) atoms are

excluded when the DXA analysis is carried out.

The GSFE curves for the A-atom and various SC CoCrNi MEA samples are also

calculated. With dimensions of ∼ 7.6 nm × 13.1 nm × 24.7 nm along x-, y- and z-

axes, total number of atoms in the computational configurations comes to 216000 atoms.

The [110], [112] and [111] crystallographic directions lie parallel to the x-, y- and z-axes,

respectively. PBCs are only applied in the x and y directions. To obtain the GSFE curves,

the upper half of each sample is displaced along the y-axis on the (111) plane. To ensure

a good statistical representation, each GSFE curve for the SC CoCrNi MEA samples

is obtained by averaging the results of 120 CoCrNi configurations. Lattice parameter

and cohesive energy of random CoCrNi and A-atom samples are also calculated for this

sample dimension.

3.3 Results

3.3.1 Single crystalline MEA

Generalized stacking fault energy curves

The {111} GSFE curves for A-atom sample and different CoCrNi MEA samples are

calculated and shown in Figure 3.3(a) using the method in Ref. [72]. Each {111} GSFE

curve represents an average of 120 distinct, parallel planes in the SC MEA. For the ran-
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dom sample, the intrinsic SFE is negative, consistent with that reported in previous DFT

calculations of CoCrNi [43]. Here, some additional GSFE calculations are also shown in

Figure 3.3(b) for the MEAs annealed at increasing temperatures and concomitantly with

decreasing CSRO. Overall, they show that larger value of CSRO leads to higher intrinsic

SFEs and unstable SFEs.

Figure 3.3: (a) GSFE curves for A-atom and various SC CoCrNi MEA samples. The
unit length along the displacement direction is a

√
6/2, where a is the corresponding

lattice constant for various samples. (b) The intrinsic SFE γisf and unstable SFE γusf

as functions of α1
CoCr for various SC CoCrNi MEA samples. In (b), γisf and γusf of

A-atom sample are also shown as the dashed line and the solid line for comparison.
Here, the definitions of random, 350KMDMC, 950KMDMC and 1350KMDMC follow
Figure 3.2. The figure is taken with permission from Ref. [158].

Characterization of the A-atom potential

To characterize the reliability of the A-atom potential, some basic properties of ran-

dom CoCrNi and A-atom samples, such as lattice parameter, cohesive energy, and local

maxima and minima in their GSFE landscapes, are further compared. The results are

shown in Table 3.1. Overall, the values between random CoCrNi and A-atom samples

are similar, demonstrating that the the A-atom EAM potential is sufficiently reliable for

mechanical calculations.
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Table 3.1: Lattice parameter a, cohesive energy Ecoh, elastic constants C11, C12, and
C44, intrinsic and unstable stacking fault energies γisf and γusf for random CoCrNi
and A-atom samples. Random and A-atom represent the sample with completely ran-
dom atomic distribution and a mean-field CoCrNi produced by an A-atom potential,
respectively. The table is taken with permission from Ref. [158].

Sample a Ecoh B C11 C12 C44 γisf γusf
(Å) (eV) (GPa) (GPa) (GPa) (GPa) (mJ/m2) (mJ/m2)

Random 3.556 −4.322 202.9 252.6 178.7 95.1 −14.97 310.34
A-atom 3.553 −4.326 208.3 265.7 179.6 100.4 −25.26 321.34

Characterization of LD and CSRO

Figure 3.2(a–c) shows the atomic structures of various SC MEAs. Local CoCr or-

dering and Ni segregation can be seen in the 350KMDMC and 950KMDMC samples in

Figure 3.2(a) and (b), respectively. Figure 3.2(d) presents the average α1
ij for the SC

CoCrNi MEA samples at 0 K. As expected, the random sample has virtually no CSRO,

as indicated by the nearly zero absolute values of all α1
ij parameters. The other CoCrNi

SCs, generated at different annealing temperatures, exhibit evidence of CSRO with large

values of both α1
CoCr and α1

NiNi. The lower the annealing temperature, the larger the value

of CSRO α1
ij, with the 350KMCMD sample possessing the greatest degree of CSRO.

Figure 3.2(e) shows the g(r) for the A-atom and various SC CoCrNi MEA samples

at 0 K. When atomic positions in metals deviate from their ideal, regular lattice sites,

the full width at half maximum (FWHM) of g(r) expands. At 0 K, only the LD would

contribute to the expansion of the FWHM, with larger LD leading to broader FWHM

[172]. In the pure A-atom metal, all atoms are positioned at ideal lattice sites, the LD

is zero, and the FWHM of g(r) is extremely narrow (Figure 3.2(e)). The FWHMs of the

SC CoCrNi MEAs, on the other hand, are relatively broader, indicating LD.

For these same SCs, Figure 3.2(f) compares the FWHM at 0 K, 1 K and 300 K. At

finite temperatures, both LD and thermal vibrations contribute to the FWHM. Even for

the A-atom sample, the FWHM is non-zero at 1 K and 300 K. However, since there is
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no LD in the A-atom sample at any temperature, its FWHM solely results from thermal

vibrations. The LD of the CoCrNi MEA samples at finite temperature can, therefore, be

estimated by subtracting the FWHM of the A-atom sample from that of the CoCrNi MEA

sample at the same temperature. Accordingly, from Figure 3.2(f), when the temperature

increases from 1 K to 300 K, the FWHM differences decrease, indicating a reduction in

LD in the CoCrNi MEA samples. This tendency has also been reported previously [172].

The lattice expands with the rise in temperature, reducing the LD since the distortions

become less significant within an expanded lattice.

At any finite temperature, the LDs of CoCrNi samples of differing levels of CSRO

increase with decreases in the degree of CSRO, indicating a negative correlation between

LD and CSRO. Yet, it is observed that the CSRO effect on LD is slight, and overall, the

LDs among the three MEAs at a given temperature are nearly the same, which will be

exploited later in the analysis.

Based on the LD and CSRO determined for these structures, the deformation re-

sponses are further calculated only for a subset of them, namely, theA-atom, 350KMDMC,

950KMDMC and random SC CoCrNi samples and the A-atom, 350KMDMC and random

CoCrNi NC samples.

Single crystal deformation response

Figure 3.4 compares the SC tensile stress-strain response for the three MEAs and the

A-atom sample when tested in two crystallographic directions and at 1 K and 300 K.

The 1 K deformation responses exhibit similar characteristics, displaying a linear rise in

stress with strain to a peak value, followed by a steep drop to a lower, non-zero stress. If

the strength is assigned to this peak stress, then the A-atom material provides a substan-

tially higher strength than the MEAs. Among the MEAs, the differences are relatively

small, with the random MEA giving the lowest strength for a given test direction and
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Figure 3.4: Tensile stress-strain curves for SC CoCrNi and A-atom samples at (a)-(b)
1 K and (c)-(d) 300 K deformed along the [110] and [111] directions, respectively. The
figure is taken with permission from Ref. [158].

temperature.

When elevating the temperature from 1 K to 300 K, all SCs experience a reduction

in the peak stress and strain at which the peak stress is reached. The shape of the stress-

strain curves and the rank order among the A-atom and MEAs is, however, preserved.

While the weakening effect of temperature can be anticipated, it is interesting to note that

the A-atom experiences the largest drop in strength compared to all MEAs, suggesting

an enhanced stability with respect to temperature for the MEA.

In pure metals, the [110] orientation is expected to be weaker than the [111] ori-

entation, an anisotropy that has been reported in many prior experimental studies

[173, 174, 175, 176, 177]. As confirmation, the pure metal, A-atom sample, exhibits the
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expected anisotropy in strength with [111] > [110]. The same anisotropy also emerges

in all three MEAs at both temperatures. Evidently, the CSRO and LDs existing in the

MEAs do not alter the conventional SC anisotropy. In the A-atom SCs, however, the

anisotropy is more severe than in the MEA SCs. Generally, the lower plastic anisotropy of

the MEA SC would be considered desirable and suggest more homogeneous deformation.

The strength of FCC metals has been linked to the unstable SFE γusf and its associ-

ation as an energy barrier to emit a leading SP [178]. Figure 3.3(a) compares the GSFE

curves for the A-atom material and the MEAs, showing only slight differences in their

unstable SFE γusf . Thus, the substantially stronger A-atom single crystal over the MEA

crystals and the differences in strengths among the MEAs cannot be explained simply by

their γusf . In what follows, the roles played by CSRO and LD, two MEA characteristics

not present in the A-atom material, in governing their strengths are investigated.

Investigating the effects of lattice distortion

To further isolate the effects of LDs from those of CSRO, the deformation mechanisms

underlying the responses of the random CoCrNi and A-atom samples are analyzed. The

random CoCrNi bears LDs and the A-atom does not, while neither one possesses CSRO.

Figure 3.5 shows the strain evolution in the density of mobile SPs and perfect dislocations,

SFs and TBs, and stored dislocations for the random CoCrNi and A-atom at 1 K in the

two test directions. The analysis shows that in every SC, the contribution from glide

of SPs is large but that from perfect dislocations is minimal. It is also found that the

peak stress corresponds to the moment when SPs first nucleate and SFs concomitantly

form, indicating that the SCs deform elastically up to the peak stress. The A-atom has a

much higher Young’s modulus and strain to first SP nucleation than the random MEA.

These comparisons, thus, associate LD with a reduction in both the Young’s modulus

and strain to first SP formation.
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Figure 3.5: (a)-(d) Tensile stress-strain curves for the SC random CoCrNi and A-atom
samples at 1 K deformed along the [110] and [111] crystallographic directions, re-
spectively. The corresponding (e)-(h) planar fault (TB and SF) densities and (i)-(l)
dislocation densities as functions of strain, respectively. (m)-(p) The corresponding
atomic configurations at points B, D, F and H of stress-strain curves, respectively.
Here, the atomic color scheme follows that used in Figure 3.1 and the definitions of
random and A-atom samples are consistent with those in Figure 3.2. The figure is
taken with permission from Ref. [158].

As straining continues after the peak stress is reached, the stress drops precipitously

as SPs continue to proliferate and propagate. Within this post-yield straining period,

the deformation mechanisms that ensue depend on test direction. As mentioned, based

on pure metal FCC behavior, some twinning is expected to occur in the [111] SC tensile

test but not in the [110] SC tensile test. Consistent with conventional FCC SC response,

in the A-atom [111] SC, a small fraction of nanotwins form and propagate, as seen by

the small rise in TB density shortly after SP formation in Figure 3.5(h). In the A-atom
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Figure 3.6: (a)-(d) Tensile stress-strain curves for the SC random CoCrNi and A-atom
samples at 300 K deformed along the [110] and [111] crystallographic directions, re-
spectively. The corresponding (e)-(h) planar fault (TB and SF) densities and (i)-(l)
dislocation densities as functions of strain, respectively. (m)-(p) The corresponding
atomic configurations at points B’, D’, F’ and H’ of stress-strain curves, respectively.
Here, the atomic coloring follows that used in Figure 3.1 and the definitions of random
and A-atom samples are consistent with those used in Figure 3.2. The figure is taken
with permission from Ref. [158].

[110] SC, the deformation continues to be accommodated predominantly by SP motion

followed by SF formation as seen in Figure 3.5(g). More dislocation activities, including

Shockley, Hirth, stair-rod and perfect dislocations, occur during tension in the [111]

direction than in the [110] direction (Figure 3.5(k) versus (l)). This response is similar to

that seen in the random CoCrNi sample, as shown in Figure 3.5(o) and (p). Compared to

the random CoCrNi MEA, the A-atom sample generates much more SFs and immobile

dislocations (Figure 3.5(g),(h),(k) and (l)). This outcome reveals that more dislocation
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reactions are favored in the early stages of plasticity in the A-atom sample than in the

random CoCrNi MEA.

In the random MEA test, however, the deformation is accommodated by substantial

amounts of nanotwinning (as seen in snapshots at B and D in (Figure 3.5(m–n)). In par-

ticular, in comparing Figure 3.5(e),(m) and (i), it is found that more TBs are generated

in the sample strained in the [110] direction than in the [111] direction. Evidently LD

has aided the formation of nanotwins, even in a conventionally non-twinning orientation.

With further straining, nanotwinning in the [110] SC is later followed by detwinning, as

indicated by the drop in TB density. In contrast, as strain increases in the [111] SC,

detwinning does not occur, but rather stored defect densities increases, giving rise to the

observed strain hardening. In this orientation, SPs intersect, react and form Lomer or

Hirth locks (as marked by the dash box in Figure 3.5(n)), which is evidenced by the high

densities of SFs, stair-rod and Hirth dislocations seen in Figure 3.5(f) and (j). Lomer

and Hirth locks block moving SPs, converting them into immobile dislocations.

When increasing from 1 K to 300 K, the LD in the random MEA has decreased but

the thermal vibrations in both the random MEA and A-atom have significantly increased,

and virtually to the same amount (Figure 3.2(f)), making any contributions from LDs

existing only in the random material comparatively small. In both the SC A-atom and

random MEA, the strength drops when going from 1 K to 300 K (Figure 3.5(a–d) versus

Figure 3.6(a–d)). The strength reduction in A-atom sample is significant, being ∼ 5.0

GPa in the [110] direction and ∼ 11.0 GPa in the [111] direction. In contrast, the strength

reduction in the random CoCrNi MEA is much smaller, being only ∼ 1.8 GPa in the

[110] direction and ∼ 2.0 GPa in the [111] direction.

Figure 3.6 presents an analysis of the underlying glissile and sessile defect densities.

Similar to the 1 K response, the peak stresses in the A-atom and random MEA response

correspond to the strain to first nucleate SPs. Therefore, these two SC materials yield
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at lower stresses at 300 K compared to 1 K due to the greater ease of first nucleating

SPs. The critical strain for SP nucleation in the A-atom sample is much lower at 300

K than at 1 K, with reductions of 28.4% in the [110] direction and 38.3% in the [111]

direction. As the A-atom lacks LD, this reduction implies that the intense atomic ther-

mal vibrations, accompanying the higher temperature, lowered the critical strain for SP

nucleation. Thermal fluctuations are known to aid in overcoming the energy barrier for

dislocation nucleation. Here, the results indicate that they have a similar effect on SP

nucleation as LDs. With the increase in temperature from 1 K to 300 K, the critical

strains for SP nucleation in the random CoCrNi MEA remain virtually unchanged or

slightly reduced for both the [110] and [111] orientations. Again, it appears that LDs at

1 K are playing a similar role in reducing the nucleation strain as thermal vibrations are

playing at 300 K. The net effect is an apparent thermal stability in yield strength of the

SC MEA.

With the analysis in Figure 3.6, the SP slip and twinning evolution is further examined

after yield at 300 K. For reference, in the A-atom sample, the relative contributions of

nanotwinning compared to SP glide have nearly doubled at the higher temperature. For

the random CoCrNi MEA, however, the mechanisms have not changed significantly from

those at 1 K. Second, at 300 K, both the A-atom and random MEA have similar evolution

in deformation mechanisms with straining beyond yield. They both deform by SP glide

and nanotwinning for the same test direction. Considering there is no LD but only

thermal vibrations in the A-atom sample at 300 K, the similarity between the random

MEA and pure metal A-atom further supports the notion that atomic thermal vibrations

and LD play similar roles in encouraging nanotwinning and slip by SPs.

With calculation of the SP and SF density evolution, the average speed of the SP

dislocations is estimated. To obtain an estimate for the average velocity of the SPs,

the CoCrNi and A-atom SC samples deformed in tension in the [110] direction at 1 K
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Figure 3.7: SP dislocation displacement-time curves for four SC samples deformed via
tension along the [110] direction at 1 K: (a) A-atom, (b) random, (c) 950KMDMC
and (d) 350KMDMC. Here the definitions of random, 350KMDMC and 950KMDMC
follow Figure 3.2. Only the early stage of each curve (marked by the vertical red line)
is utilized to calculate the average SP speed. The figure is taken with permission from
Ref. [158].

is considered. This choice aims to remove the effects of the GBs in the NC samples

and minimize the effects of Lomer and Hirth locks that tend to form much more readily

in the early stages of tension testing along [111] direction than the [110] direction. It

begins with SF density-time and SP dislocation density-time curves, which follow the

SF density-strain curves and SP density-strain curves shown in Figure 3.5, since time

is proportional to strain. Next by assuming that, in the early stages of straining, every

SF forms from the glide of SPs, the area of SF is then be estimated by the product of

the line length of SP dislocation and its gliding distance. Next, the SP displacement is
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Figure 3.8: The average speed of SP dislocations in A-atom and various CoCrNi SC
samples with tension along [110] direction at 1 K. The figure is taken with permission
from Ref. [158].

obtained by dividing the SF density by the SP dislocation density. Figure 3.7 compares

the resulting SP displacement-time curves for the A-atom and three CoCrNi SC samples.

These plots begin at the time when the first SP dislocation has nucleated. In the early

stages of plastic deformation, the curves are linear up to a certain strain level, marked

by the vertical red line in each case. The average SP speed can be estimated by the

derivative of SP displacement with respect to time in this region. Figure 3.8 compares

the average SP speed resulting from this calculation for the four SC [110] samples in the

initial stages of straining at 1 K before prevalent lock formation accumulates. Comparing

the A-atom and random MEA SCs indicates that LD has slowed down SP motion. A

similar finding was reported in Ref. [29, 32].

Nanotwin nucleation and detwinning mechanisms

The mechanisms for forming nanotwins in the [111] A-atom SC and two MEA SC

orientations are found to be the same. They all initiate by dislocation slip [179], explain-

ing why nanotwins appear only after the peak stress and after some amount of SPs have

propagated. One mechanism involves the formation of a two-layer twin via the glide of
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Figure 3.9: (a)-(b) Atomic configurations and the corresponding schematics for nan-
otwinning. (c) Atomic configurations and the corresponding schematic for detwin-
ning. The atomic coloring follows Figure 3.1. The figure is taken with permission
from Ref. [158].

two SP dislocations propagating on two parallel and adjacent glide planes. They can

glide in either the same or opposite directions [180, 181, 182]. Figure 3.9(a) shows an

example of the latter mechanism seen in the random MEA SC. Following SP dislocation

(ε = 7.220%), each SF has two atomic layers and these two neighboring SFs (SF1 and

SF2) span three atomic layers. Once the SPs overlap each other (ε = 7.250%), the middle

atomic layer becomes faulted twice, transforming back to FCC stacking. In this way, a

twin with two TBs is formed (ε = 7.360%). Another mechanism for nanotwinning seen

here (Figure 3.9(b)) involves the intersection of two SPs initially gliding on non-parallel
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planes (ε = 7.525%). After intersecting, their glide planes change by one atomic layer,

while maintaining the original glide direction (ε = 7.575%). A nanotwin is then seen to

nucleate at the intersection point (ε = 7.625%).

The process of detwinning, an unusual occurrence observed only in the random MEA

[110] tests is further analyzed. Figure 3.9(c) shows a series of snapshots in strain of the

detwinning process. The process begins with the SF left by a mobile SP intersecting

with a propagating nanotwin (ε = 9.275%). At their intersection point, another SP

nucleates and propagates on a plane adjacent to the nanotwin’s TB (ε = 9.325%). As

the SP glides, the twin transforms into a SF stack of three atomic layers with HCP-

stacking (ε = 9.475%). Thus, frequent interactions between SPs and nanotwins during

deformation led to transformations of nanotwins into HCP phase nano-ribbons.

After point B in the stress-strain curve along the [110] loading direction (Figure 3.5(e)),

the total planar fault density begins to drop, finally reaching 0.41 nm−1, a consequence

primarily of detwinning (i.e., the drop seen in TBs from 0.25 nm−1 to 0.10 nm−1). De-

twinning evidently overwhelms nanotwinning in the later stages of plasticity. As demon-

strated in Figure 3.9(c), detwinning originates from the interaction between nanotwins

and SP dislocations. Because there is little immobile dislocation density to block their

motion, SP dislocations can move easily, as seen by the rapid increase in SP density of

21.0 × 1016 m−2. Fast-moving and proliferating SPs increase the likelihood of nanotwin

intersections and, thus, detwinning. In contrast, in the [111] orientation test, the pla-

nar fault densities stabilize, as seen in Figure 3.5(f) by the slight decrease in SFs and

increase in TBs. Abundant Lomer and Hirth locks develop in the early stages, impeding

SP motion, decreasing their probability of interacting with nanotwins, and suppressing

detwinning. Such results are consistent with recent experimental observations in CoCoNi

MEA, reporting higher ductility in the [110] test but higher strength in the [111] test

[140].
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Figure 3.10: (a)-(b) Tensile stress-strain curves for various SC CoCrNi samples at 1
K deformed along the [110] and [111] crystallographic directions, respectively. (c)-(d)
The corresponding pairwise CSRO parameters α1

NiNi and α1
CoCr of 350KMDMC SC

CoCrNi sample as functions of strain along the [110] and [111] crystallographic direc-
tions, respectively. (e) The ultimate strengths for SC CoCrNi samples as functions of
α1
CoCr at 1 and 300 K when deformed along the [110] and [111] crystallographic direc-

tions, respectively. Here, the definitions of 350KMDMC, 950KMDMC and random
samples follow Figure 3.2. The figure is taken with permission from Ref. [158].

The effect of CSRO on the tensile deformation

To distinguish the effects of CSRO from LD, the mechanisms controlling the defor-

mation responses of the random CoCrNi, with no CSRO, and two other CoCrNi samples,

the 950KMDMC and 350KMDMC samples, with differing levels of CSRO are analyzed

and compared. Among these three MEAs, LDs are also present but their average LDs

are nearly the same (Figure 3.2(f)).

Figure 3.10(a–b) display the tensile stress-strain curves of the different SC CoCrNi

samples at 1 K and two [110] and [111] orientations. Comparing the three responses

shows that the peak stress increases with increasing degree of CSRO (Figure 3.10(e)).

In all three MEAs, the peak stress corresponds to the strain at which SPs nucleate and

propagate. Prior to reaching the peak stress, the material is then elastic. Comparing

the elastic responses of all three MEAs indicates that with larger values of CSRO, the

larger the Young’s modulus and critical strain to nucleate SPs. Further, the 350KMDMC
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sample has the highest peak stress, because it exhibits the highest Young’s modulus and

strain to first nucleate SPs.

Figure 3.11: (a)-(b) Tensile stress-strain curves for various SC CoCrNi samples at 300
K along [110] and [111] crystallographic directions, respectively. The figure is taken
with permission from Ref. [158].

Figure 3.11 shows the same set of SC curves at the higher temperature 300 K, a

change that raises the thermal vibration in all samples equally, while retaining the same

levels of CSRO. The SC response at higher temperature is similar to that at 1 K and

the 350KMDMC sample maintains the highest stress among the three MEAs. Evidently,

large values of CSRO increase the resistance to first nucleate SPs relative to a random

MEA with no CSRO.

Figure 3.12–Figure 3.15 presents an analysis of the corresponding evolution in the SF

and TB densities and mobile SP and dislocation densities as functions of strain. After

the peak stress is reached, the stress drops and continued deformation is accommodated

by SPs and nanotwinning. The relative amounts of SP glide compared to twinning are

similar among the three MEAs. In the [111] SC test, SP glide is the dominant deformation

mechanism, whereas in the [110] SC test, SP and nanotwinning both contribute to post-

yield deformation. In the later stages of straining, detwinning occurs. These mechanisms

are unchanged with the change in the degree of CSRO among the random, 950KMCMD

and 350KMCMD samples. These results confirm that the higher levels of CSRO resist
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Figure 3.12: Planar fault (TB and SF) densities for various SC CoCrNi samples as
functions of strain along [110] crystallographic direction at ((a)-(c)) 1 K and ((d)-(f))
300 K, respectively. The figure is taken with permission from Ref. [158].

the nucleation of SPs at yield.

In Figure 3.10(c–d), the evolution of the pairwise CSRO parameters α1
CoCr and α1

NiNi is

also traced. It is observed that the degree of CSRO starts to change when the peak tensile

stress is reached and SPs nucleate and propagate. The evolution involves an increase in

α1
CoCr and decrease in α1

NiNi (Figure 3.10(c–d)), essentially reducing the strength of the

CSRO as straining proceeds. The net effect of the glide of SPs is to shift the original

atomic neighbors and randomize the elemental pairs. The similar results for the random

and 950KMDMC samples can also be found in Figure 3.16.

Prior works have reported that CSRO helps enhance tensile strength. The viewpoint

is that strengthening results from the higher energy costs in moving dislocations through

or breaking them away from the large-value CSRO regions [32]. The higher strength SC

with higher degrees of CSRO seen here are, however, different. Isolated from LD effects,

the increased levels of CSRO enhance the Young’s modulus and increase the critical strain
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Figure 3.13: Dislocation densities for various SC CoCrNi samples as functions of strain
along [110] crystallographic direction at ((a)-(c)) 1 K and ((d)-(f)) 300 K, respectively.
The figure is taken with permission from Ref. [158].

to SP nucleation, leading to the enhancement in yield strength.

To further reveal the role of CSRO on dislocation nucleation, the crystal analysis

method is used to identify the locations where SPs typically first nucleate in each of

these cases. The deformation snapshots for various CoCrNi samples at the moment of

dislocation nucleation are also displayed in the middle column of Figure 3.17. For better

visualization, only atoms with α1
CoCr < −0.8 and SF atoms are shown in purple and red,

respectively. Among all three CoCrNi MEAs, SPs initiate within the CoCr clusters and

then propagate across the crystal.

To determine why the SPs prefer to originate in the CoCr clusters, the shear strains

that develop across the crystal is correlated with the local value of the CSRO. Figure 3.18

shows the atomic shear strains in one cross-section of the 350KMDMC SC CoCrNi sample

in (a) [183], alongside maps of the pairwise CSRO parameters α1
NiNi and α1

CoCr, (in (b)–

(c)). The shear strain distributions are inhomogeneous and diffuse, since the atomic
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Figure 3.14: Planar fault (TB and SF) densities for various SC CoCrNi samples as
functions of strain along [111] crystallographic direction at ((a)-(c)) 1 K and ((d)-(f))
300 K, respectively. The figure is taken with permission from Ref. [158].

shear strains are affected by thermal fluctuations and the dynamically changing atomic

velocities, unlike the CSRO maps, which use stationary atomic positions. Nonetheless, a

closer look at some of the local regions with large shear strains (see insets), are associated

with more negative α1
CoCr or less positive α1

NiNi, suggesting atomic strains concentrate in

the CoCr-ordered clusters rather than in the Ni-rich regions. Repeating the analysis for

other cross-sections and the 950KMDMC and random CoCrNi MEAs reveals the same

correlation, see Figure 3.19 and Figure 3.20. Figure 3.21 shows the GSFE {111}〈112〉

curves for the random MEA, random CoCr mixture and pure Ni. Comparing their

unstable SFE indicates that it is easier to form the faults in the CoCr and hardest in the

Ni. With higher levels of CRSO, the CoCr clusters are more likely to be surrounded by

Ni, making it harder for the SPs to propagate away from the CoCr nucleation sites.

Like LD, CSRO appears to also resist the glide of SP dislocations. Figure 3.8 com-

pares the average SP speed between the A-atom and two MEAs with lower degrees
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Figure 3.15: Dislocation densities for various SC CoCrNi samples as functions of strain
along [111] crystallographic direction at ((a)-(c)) 1 K and ((d)-(f)) 300 K, respectively.
The figure is taken with permission from Ref. [158].

(950KMDMC) and higher degrees of CSRO (350KMDMC). The average speed decreases,

not only with the introduction of CSRO, but also with increases in the value of CSRO.

3.3.2 Nanocrystalline MEA

The stress-strain curves and the ultimate strength

Figure 3.22(a) shows the calculated tensile stress-strain curves at 1 K for three NC

materials, the CoCrNi with CSRO (350 K), the nominally random CoCrNi, and the A-

atom pure material. As a marked distinction from the SCs, the A-atom NC material

is the weakest among all three NC materials. Once again, however, the strength of the

NC CoCrNi with the higher degree of CSRO is greater than the random NC CoCrNi.

Figure 3.22(b) shows the tensile stress-strain curves for the same three NC materials but

at 300K. The rank order still persists with the CSRO NC CoCrNi providing the highest
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Figure 3.16: (a)-(d) Pairwise chemical short-range order (CSRO) parameters α1
NiNi

and α1
CoCr of 950KMDMC and random SC CoCrNi samples as functions of strain

along [110] and [111] crystallographic directions at 1 K, respectively. The figure is
taken with permission from Ref. [158].

strength, followed by the random NC CoCrNi and the pure A-atom NC material yielding

the weakest strength. The A-atom material contains no LD and the MEA has significant

LD at 1 K but negligible LD at 300 K (Figure 3.2(f)). Apparently, the LD was not the

factor that distinguishes their strength.

Within the same plots in Figure 3.22(a-b), the tensile deformation responses for the

material with pre-existing nanotwins and ISFs are also presented. As would be expected,

subgranular ISFs or TBs result in higher strengths than without. Compared to the

material free of subgranular boundaries, strength enhancements range from 3.42% to

7.18% for the ISFs and from 6.09% to 10.40% for the TBs. Together, large values of

CSRO and pre-existing subgranular nanotwins provide the highest strengths.

In Figure 3.23, we analyze the strain evolution of deformation mechanisms of the 350

K CSRO CoCrNi NC samples both without and with pre-existing densities of subgranular

ISFs and TBs. For the NC material without initial TBs or ISFs, the analysis identifies
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Figure 3.17: (a)-(c) Configurations of 350KMDMC, 950KMDMC and random SC
CoCrNi samples under uniaxial tension at 1 K, respectively. Only atoms with
α1
CoCr < −0.8 and SF atoms with hexagonal close-packed (HCP)-like coordination

are shown in purple and red, respectively. Here, the definitions of 350KMDMC,
950KMDMC and random samples follow Figure 3.2. The figure is taken with permis-
sion from Ref. [158].

macro yielding with the initiation of SPs and relatively minute perfect dislocation activity.

The motion of the partials leads to immediate formation of SFs. With further straining

beyond the peak stress, SPs continue to propagate and SFs and nanotwins continue to

form, and the material macroscopically softens. It is also seen that glide by perfect

dislocations and accumulation of sessile dislocation storage begins after the peak stress

is reached and remains minimal for the remainder of the straining period. In particular,

a considerable number of TBs is generated, reaching a density of 0.12 nm−1 after the

strain of 0.15. Accompanying the SF increase, the densities of various other defects rise

(Figure 3.23(g)), reaching a total density of ρ = 5.0×1016 m−2, with 80% contributed by
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Figure 3.18: The configuration of 350KMDMC SC CoCrNi sample at the tensile strain
of 0.075 and the temperature of 1 K. (a)-(c) The atoms are colored according to the
atomic shear strain, pairwise CSRO parameters α1

NiNi and α1
CoCr, respectively. More

positive valued α1
NiNi and more negative valued α1

CoCr means stronger CSRO. Here,
the definition of 350KMDMC follows Figure 3.2. The figure is taken with permission
from Ref. [158].

SP dislocations. The sequence of SFs and followed by TBs is similar to the deformation

process the SC CoCrNi sample (Figure 3.5(e–f)). For NC material with pre-existing ISFs

(Figure c), yielding appears to be associated with simultaneous formation of mobile SPs

and nanotwins. As the material is strained past yield, it hardens to the peak strength

and then softens. Underlying this response, both SPs and nanotwin densities continue to

rise. In contrast, for the MEA with initial subgranular TBs (Figure b), yielding occurs

at the moment when SPs move. After yield, it is observed the formation of SFs and

detwinning of the pre-existing nanotwins. The densities of mobile SPs generated during

straining are much higher than those generated during deformation of the NC material

free of subgranular boundaries and the other one containing ISFs.

Performing the same analysis on the random MEA and pure NC A-atom material

finds similar deformation mechanisms and sequences and similar effects of ISFs and TBs.
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Figure 3.19: The configuration of 950KMDMC SC CoCrNi sample at the tensile strain
of 0.075 and the temperature of 1 K. (a)-(c) The atoms are colored according to the
atomic shear strain, pairwise CSRO parameters α1

NiNi and α1
CoCr, respectively. More

positive α1
NiNi and more negative α1

CoCr means stronger CSRO. The figure is taken
with permission from Ref. [158].

Generally, yield in these NC alloys occurs by the nucleation of mobile SPs from the GBs

and strain hardening after yield is associated predominantly with SP motion and nan-

otwinning. These pre-existing subgrain boundaries are not arbitrary boundaries but the

same boundaries that would be generated by the two predominant mechanisms operating

in this MEA, SFs and TBs. The shared outcome of these deformation mechanisms, how-

ever, do not readily explain why the MEA material with CSRO studied in the foregoing

analysis proved to have the highest NC strengths at both 1 K and 300 K. Further, it is

not clear how the pre-existing subgranular TBs can strengthen the NC alloy, while at the

same time cause detwinning with straining.

Nucleation of mobile partials and nanotwins

To address these issues, the crystal analysis method is used to determine where in the

nanostructure these mechanisms formed and propagated. Figure 3.26 compares snapshots
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Figure 3.20: The configuration of random SC CoCrNi sample at the tensile strain of
0.075 and the temperature of 1 K. (a)-(c) The atoms are colored according to the
atomic shear strain, pairwise CSRO parameters α1

NiNi and α1
CoCr, respectively. More

positive α1
NiNi and more negative α1

CoCr means stronger CSRO. The figure is taken
with permission from Ref. [158].

of 350KMDMC NC, 350KMDMC NC-ISF and 350KMDMC NC-TB samples during ten-

sion at the strain of 10%. Analysis reveals that all NCs first form mobile SPs at the GBs

before the peak stress is reached. Figure 3.26(a) shows that a partial dislocation that has

been activated from the GB can reach the opposite GB unhindered (marked by a white

arrow).

First, the deformation response of the NC samples without subgranular TBs and ISFs

is considered. When strain is applied to the A-atom NC sample, numerous SPs emit from

the GBs and move rapidly, forming SFs across the crystals. In the 350KMDMC NC

sample, SPs also emit from the GBs, but preferentially where the CoCr lie. As an

example, Figure 3.24(a) shows, over a series of increasing strain levels (3.170% to 4.310%),

the nucleation and motion of an SP in this sample. To expose these defects, the perfect

FCC atoms have been removed from the image. In Figure 3.24(a), a SP is seen emitting

from an ordered CoCr cluster at the GB, as marked by white arrows. As the analysis of

64



Dislocation dynamics in multi-principal element alloys Chapter 3

Figure 3.21: Generalized stacking fault energy (GSFE) curves for single crystalline
random CoCr sample, CoCrNi MEA sample and Ni pure metal. The unit length along
the displacement direction is a

√
6/2, where a is the corresponding lattice constant for

various samples. The figure is taken with permission from Ref. [158].

the SC samples in Figure 3.17 revealed, the larger the degree of CoCr CSRO, the higher

the strain required to emit SPs from them. The 350KMDMC NC samples, therefore, can

be expected to be stronger than the A-atom NC and random NC MEA samples, since

CoCr clustering at the GBs makes nucleation of SPs more difficult.

In addition, in the initially ISF- and twin-free NCs, nanotwinning is seen to occur

after yield, via mechanisms that are the same as those occurring in the SCs (Figure 3.9(a–

b)). Figure 3.24(b) shows an example of twin nucleation in the 350KMDMC NC. SPs,

nucleating at the GBs, glide along multiple, non-planar systems, causing them to intersect

(see highlighted by yellow lines at ε = 6.150%). The intersection points serve as sources

for nanotwins (e.g., ε = 6.385%), which then glide across the grain (e.g., ε = 8.135%).

The effect of pre-existing subgranular stacking faults and twins

Figure 3.26(b) shows the defect evolution in a set of grains within the 350KMDMC NC-

ISF sample containing pre-existing subgranular ISFs. SPs forming from the GBs are

hindered by the ISFs (as marked by A, B and C). After cutting through the ISFs, the
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Figure 3.22: Tensile stress-strain curves for the NC samples at (a) 1 and (b) 300 K.
(c) The ultimate strengths for the NC samples at 1 and 300 K, respectively. Here,
the definitions of 350KMDMC, random and A-atom follow Figure 3.2. TB and ISF
denote NC samples with the TBs and ISFs inserted, respectively. The figure is taken
with permission from Ref. [158].

SPs deviate from their original glide planes. The increase in the density of SFs and

twins generated by the moving SPs is similar or even lower than those of the NC sample

without pre-existing ISFs (Figure 3.23(f) and (i)). Evidently, introducing subgranular

ISFs do not promote or delay emission of SPs and the enhanced strength results from

the interactions between the pre-existing ISFs and the mobile SPs.

Figure 3.26(c) analyzes the defect evolution in the NC with pre-existing twins. Unlike

the NC with pre-existing ISFs, the motion of the SPs is completely blocked by the pre-

existing TBs (marked by D, E and F in Figure 3.26(c)). New SPs are generated at these
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Figure 3.23: (a)-(c) Tensile stress-strain curves for 350KMDMC NC,
350KMDMC NC-TB and 350KMDMC NC-ISF samples at 1 K, respectively.
The corresponding (d)-(f) planar fault (TB and SF) densities and (g)-(i) dislocation
densities as functions of strain, respectively. The definitions of 350KMDMC, TB and
ISF follow Figure 3.22. The figure is taken with permission from Ref. [158].

intersections and they glide along the mirror plane according to the TB, (as shown by

white arrows), forming a zigzag ISF structure. It is found that the TBs also provide

planes on which SPs from the GBs can glide. Figure 3.25(c) shows an SP, which is in

this case a twinning partial, gliding on the (111) TB plane at 6.650% strain and resulting

in TB migration. Eventually it interacts with another partial dislocation gliding on the

(111) plane at 6.865% strain, forming the Lomer lock. Finally, the SP, from one side of

the newly formed Lomer lock, intersects another SF at a strain of 7.015%, resulting in

the creation of a SF network. Thus, the TBs, by diverting the glide path of the SPs and

providing planes on which SPs can glide as twinning partials, promote the formation of
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Figure 3.24: Nucleation and development of (a) dislocations and (b) nanotwinning
in 350KMDMC NC sample during tension at 1 K. FCC atoms have been removed
to better visualize the dislocations, planar faults and grain boundaries (GBs). SF
and TB atoms are colored by red and blue, respectively. Except SF and TB atoms,
GB atoms are colored according to α1

CoCr. The definition of 350KMDMC NC follows
Figure 3.22. The white arrows at ε = 3.170% in (a) denote the Shockley partial
dislocation nucleation sites and the yellow lines at ε = 6.150% in (b) highlight the
Lomer lock. The figure is taken with permission from Ref. [158].

SPs and SFs. As a result, the highest rates of SP and SF density evolution occur in the

NC with pre-existing subgranular twins. It is noted that TEM analyses on CoCrNi MEA

[142] observed similar events of twinning and multi-planar slip at cryogenic temperatures

and had proposed them to be linked to the remarkably good ductility of this MEA at

cold temperatures.

At the same time, in the 350KMDMC NC-TB sample, for instance, it is observed

detwinning of the pre-existing twins with straining, as suggested by the reduction in TB

density from 0.34 nm−1 at 0.05 strain to 0.25 nm−1 at 0.15 strain (Figure 3.23(e)). Anal-

ysis of the dynamics within the nanocrystals confirms that the reduction in TB density is

associated with detwinning in some grains (Figure 3.25(a)), via the same process as de-

tailed in Figure 3.9(c). Initially (ε = 8.865% in (a)), an SP, denoted by the white arrow,

is emitted from the GB on a plane adjacent to the TB, leaving behind an SF containing
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Figure 3.25: The evolution of (a) detwinning, (b) three-dimensional (3D) nanotwin
network structure and (c) Lomer lock in 350KMDMC NC-TB sample during tension
at 1 K. The definition of 350KMDMC NC-TB and the atomic coloring follow Fig-
ure 3.22 and Figure 3.24, respectively. (a), (b) and (c) correspond to regions A, B
and C, respectively. In (b), white arrows at ε = 7.465% and white dash lines at
ε = 7.615% highlight the primary and secondary nanotwins. To aid visualization in
(c), various dislocation types are distinguished by different colors. The figure is taken
with permission from Ref. [158].

two atomic layers adjacent to the TB plane. As the SP extends, the SF that is created

in its wake transforms the neighboring TB atoms into SF atoms (ε = 9.115%), resulting

in a new SF structure with three atomic layers (ε = 9.215%). This transformation of

pre-existing TBs to SFs also contributes to the rise of the SF density (Figure 3.23(e)).

In most of the grains, the pre-existing TBs are removed leading to a net reduction in

TBs, yet in a small number of grains, a three-dimensional (3D) nanotwin network forms.

Figure 3.25(b) demonstrates the formation of one such network by the intersection of non-

parallel nanotwins in the same grain. SP dislocations in different slip systems, followed
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Figure 3.26: The snapshots of (a) 350KMDMC NC, (b) 350KMDMC NC-ISF and (c)
350KMDMC NC-TB samples at 1 K and the tensile strain of 10%. The definitions
of 350KMDMC NC, 350KMDMC NC-ISF and 350KMDMC NC-TB samples follow
Figure 3.22, while the atomic coloring follows Figure 3.24. A, B, and C in (b) denote
the inserted ISFs. D, E and F in (c) represent the inserted TBs. The figure is taken
with permission from Ref. [158].

by SFs, can be activated during tension. Some of the SFs are parallel to the inserted TBs

(e.g., (1) at ε = 7.375%), while others are not (e.g., (2) at ε = 7.375%). The intersections

in the latter grains can give rise to secondary nanotwins, non-parallel to the initial TBs

(white arrows at ε = 7.465%). As a result, a 3D nanotwin network forms, as highlighted

by the white dash lines (ε = 7.615%). It is observed that 3D nanotwin networks were

also reported from an experimental study on deformed CoCrNi [135]. To summarize, the

differences between the SP/ISF and SP/TB interactions taking place in the nanocrystals

after yield explain why the NC with pre-existing twins (350KMDMC NC-NT) has the

highest strength. These results suggest that pre-straining the NC to introduce TBs could

help to further strengthen CoCrNi MEAs.
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3.4 Discussion

In this work, many forms of MEAs, including SCs and NCs, and random samples and

samples with CSRO, are tested at two deformation temperatures, 1 K and 300 K. The MD

simulations here are used to provide insight into the relationship between LD and CSRO

on the underlying mechanisms of deformation. Due to the limited time and length scales

inherent to the approach, the strain rates, stresses, and dislocation densities will be much

higher than realized experimentally. In the typical quasi-static loading condition used

in experimental studies, involving for instance CoCrNi MEA [145], CoCrFeMnNi HEA

[184] and AlCoCrFeNi HEA [185], the dislocation densities range from 1013 m−2 to 1015

m−2 at the strain rate of 10−4 s−1∼10−3 s−1. In contrast, in the present calculations, the

dislocation densities generated under a strain rate of 5×108 s−1 lie in the range from 1016

m−2 to 1017 m−2. Further, actual materials contain internal, pre-existing defects, whereas

the starting crystals in the current simulations are perfect. With the high strain rates in

combination with the defect-free initial state, the stresses reached in simulation cannot

be possibly achieved experimentally. Here, the mechanisms explaining how changes in

LD and CSRO would affect the evolution of stress and defect densities are focused on.

As discussed below, it is found that the calculated results shed light on observations

reported on CrCoNi and other FCC MEAs and HEAs.

Compared to the pure A-atom reference material, the MEAs exhibited better stabil-

ity with respect to elevated temperatures in their critical dislocation nucleation strain

and their yield strength. Many experimental studies have reported outstanding thermal

stability in mechanical properties in this and other MEAs and HEAs [186, 187, 2], and

have generally attributed it to high mixing entropy and sluggish diffusion or phase de-

composition, which are all characteristic of MEAs and HEAs [188]. However, due to the

difficulties in studying diffusive dynamics in the very limited time scale of MD simula-
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tion, the thermal stability seen here has a different origin. In SC MPEAs, without the

presence of GB sources, it is found that LD reduces the strain to nucleation, in a similar

way that thermal vibrations lower strains to nucleation. Thus, when thermal vibrations

increase and LDs decrease with increases in temperature, the net effect on the strain to

nucleation in the MPEA is similar. In contrast, in the pure metal with no LD, going

from little to no thermal vibrations at low temperature to increased thermal vibrations

at elevated temperature detrimentally lowers the nucleation strain.

LD has been associated with increasing the resistance to dislocation glide [29]. Here,

it is revealed that LD has an unusual effect of also lowering the Young’s modulus and the

strain to nucleation within perfect SCs. Without grain boundaries or internal defects to

provide easy nucleation sites for dislocations, MEA SCs with LD will produce dislocations

at lower strains and stresses than a SC without LD, such as the A-atom SC. When the

yield strengths of the SC samples are determined by the stress to first nucleation of

dislocations, the A-atom SC sample, therefore, will have the highest strength above all

the MEAs (see Figure 3.4). LDs, however, do not lower the SP nucleation strain below

that from GBs. Consequently, in NCs, the effect of LD on propagation, and not on

dislocation nucleation, is realized, and it is observed that MEA NCs are stronger than

A-atom NCs (Figure 3.22(c)).

Another interesting phenomenon often reported from experimental and modeling

studies of FCC MEAs is the prevalence of nanotwinning. For the same orientation, the

MEA SCs form much higher fractions of nanotwins (higher density of TBs) compared to

the A-atom SC. The extent of nanotwinning in the MEA is so prevalent that even the

orientation-dependent competition between slip and twinning, common in pure FCC met-

als, is altered. It is expected in FCC metals that tension in the 〈111〉 direction favors twin-

ning, whereas tension in the 〈110〉 direction favors slip, since the former stress state pro-

motes widening of extended dislocations as the stress increases [164, 165, 166, 167, 168].
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The A-atom SC exhibits this conventional orientation-dependence, with little nanotwin

formation in the 〈111〉 direction and nearly none in the 〈110〉 direction. However, more

twins are generated in the random CoCrNi MEA SC when the sample is tested in the

〈110〉 direction than in the 〈111〉 direction (Figure 3.5(e) versus Figure 3.5(f)). This

anomalous behavior is also observed by the tensile experiments of the SC CoCrNi MEA

[140], where nanotwinning was prominent in the 〈110〉 tensile test, while dislocation slip

and nanotwinning prevailed in the 〈111〉 tensile direction.

Direct comparisons of the SC responses of the CoCrNi MEA with the A-atom ref-

erence metal at 1 K demonstrates that LD plays a key role in promoting nanotwinning

in the MEA after yield and throughout the straining period. LD does not alter the

mechanisms of twinning from those understood for pure FCC crystals. Instead LD en-

courages twinning over SF formation by lowering the strain for SP nucleation, while at

the same time increasing their resistance to propagation. In the A-atom SC, the [111]

suitable orientation for twinning promotes SP nucleation, whereas in the MEA SC, LD

promotes it in both orientations. In the [111] orientation, in the A-atom material, after

nucleation, the SPs move with little resistance and on multiple, non-coplanar glide planes

homogeneously throughout the SC. In the MEA under [111] tension, SPs nucleate also on

multiple planes, but more profusely, and afterwards move slower, increasing the chances

for twinning. The frequent SP intersections on non-coplanar planes for this orienta-

tion also gives rise to sessile dislocation structures, characterized by the large number of

Lomer and Hirth locks in Figure 3.5(n). They tend to reduce the space required for twin

formation by both twin mechanisms (Figure 3.9(a)–(b)). In [110] tension, however, SP

formation is also profuse but the frequency of intersections and lock formation is lower.

Consequently, in the early stages of straining, more twins develop unconventionally for

the [110] orientation than the [111] orientation. With more [110] tension, however, the

SP intersections increase, causing some of the initially formed nanotwins to detwin.
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Higher temperatures have similar effects as LD, in promoting SP nucleation and

slowing down SP glide [189]. The result is a higher chance for twinning for the same

SC orientation at 300 K than at 1 K. For the A-atom SC, this effect of temperature on

twinning is more apparent than in the MEA SCs, since in the MEAs, some combination

of LD and thermal vibrations exist at all temperatures.

In addition to LD, CSRO is shown to play an especially important role in dislocation

nucleation. Calculations of strain distribution maps in Figure 3.18 (as well as Figure 3.19-

Figure 3.20) show that higher degrees of CSRO in the form of larger CoCr clusters and Ni

segregation correspond to larger regions of localized strains in the CoCr regions. Such an

inhomogeneous distribution of strain calculated here has been observed experimentally in

[36]. They reported that larger fluctuations in local strain in the CoCrNi MEA were as-

sociated with larger values of CSRO and that they appeared to be correlated with higher

SFE, hardness, Young’s modulus and yield strength. Consistent with their findings, it

is observed in simulation in Figure 3.10, Figure 3.22 and Figure 3.3, that the elastic

modulus, SFE, and ultimate strength increase with increasing levels of CSRO. Here, it

is revealed that dislocations prefer to nucleate at the clusters that possess a combina-

tion of the lowest local unstable stacking fault energy (USFE) and highest shear strain

concentrations. The strengthening with stronger CSRO partly arises from the increased

difficulty in emitting dislocations from these sites when the USFE of the surrounding

regions is higher. This finding implies that strengthening with CSRO can be expected

when the USFE difference between the two neighboring segregated domains is large. Al-

though the range of CSRO values, the strains they induce, and their physical properties,

e.g., elastic modulus, strength and SFE, vary with processing and MPEA compositions,

their influence on the dislocation nucleation found here ought to apply to other MPEAs

with other compositions.
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3.5 Summary

In this chapter, large-scale molecular dynamics (MD) simulations are performed to in-

vestigate the effects of lattice distortion (LD) and chemical short-range ordering (CSRO)

on the tensile deformation of single crystal (SC) and nanocrystalline (NC) CoCrNi

medium entropy alloys (MEAs). To quantify and elucidate their effects, calculations

are repeated on a hypothetical A-atom material, which is a pure metal with no LD and

CSRO but sharing virtually the same lattice constant and the same bulk elastic constants

as CoCrNi. The main conclusions are:

• LD lowers the Young’s modulus and strain for nucleation of Shockley partials (SPs).

• In all SC MEAs, the SPs nucleate inside the CoCr clusters, which generate the

highest shear strains and have the lowest unstable stacking fault energy compared

to those of the random MEA and Ni regions.

• Nanotwinning is more prevalent in the MEAs than the A-atom material, since

larger LDs promote SP nucleation and both LDs and CSRO increase the resistance

to SP propagation.

• The peak strengths of all NC MEAs are higher than that of the NC A-atom since

after nucleation, and LDs and CSRO increase SP glide resistance.

• Introducing pre-existing nanotwins within the NC grains results in the highest

strength and highest density of mobile SPs. Pre-existing twin boundaries (TBs)

serve as strong barriers to non-planar SP glide, while also providing easy planes on

which SPs can nucleate and glide.

These findings provide some suggestions for the designers of the novel multi-principal

element alloys (MPEAs). To improve the ductility of MPEAs, it is necessary to increase
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the degree of LD and CSRO, and thus promote the nucleation of twinning. The increase

in the degree of LD can be realized by designing the alloy composition whose elements

have significantly different atomic sizes, while that in the degree of CSRO can be achieved

by decreasing the annealing temperature. To enhance both the strength and ductility

of NC MPEAs, the effective strategy is to introduce nanotwins to the grains during the

production.
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Chapter 4

Confined layer slip of dislocations in

metallic nanolaminates

4.1 Introduction

Chapter 1.2.2 introduces nanolaminates and their thickness-dependent dislocation-

based mechanisms, among which the CLS theory and its development are illustrated

briefly. Recent CLS models have been extended to include a separate contribution aris-

ing from the interaction between the dislocation and interface properties [89, 90, 190].

However, to date, the contributions of interface structure to CLS have not been thor-

oughly investigated. In addition, while the resistances to dislocation motion proposed

in the analytical models of Equation 1.6 and Equation 1.7 have physical bases, they

introduce fitting parameters that need to be characterized by matching to macroscopic

hardness or strength data. They also differ in their scaling with L, with Equation 1.6

proposing an additional interface-dependent second term that is inversely related to L

and Equation 1.7 inversely related to
√
L. Also, like most CLS models, they envision

a single dislocation threading in one layer, while the adjacent layers are dislocation-free
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[91, 80, 82, 89, 79]. However, as argued in Ref. [79], it is possible that other dislocations

could be simultaneously threading in the neighboring layers. The interactions between

moving dislocations in adjacent layers could affect the resistance to CLS and, in turn, the

strength of the material. The effects of dislocation distribution and interface structure,

in addition to L, are difficult to isolate from macroscopic tests.

The main challenge is understanding how the CLS mechanism proceeds in time as

interface structure and layer thickness change. Direct observation via in-situ TEM is

possible but too challenging at present to repeat with different layer thicknesses. In ana-

lytical models, the mechanism is often presumed a priori making it difficult to understand

when transitions in mechanisms occur. As a complement to experiments and theory, MD

simulation has been applied to investigate deformation mechanisms in nanolaminates at

the atomic and nanoscales [191, 192, 193, 194, 195, 196]. For CLS in nanolaminates,

such simulations would be able to track the motion of dislocations, accounting for the

interaction between the dislocation core and the atomic structure of the interface. To

the best of my knowledge, only a MD study to date, however, has simulated CLS [195].

Turlo and Rupert [195] revealed that both ordered and disordered Cu-Zr grain boundary

complexions can enhance the stress required for confined dislocation glide between two

parallel 90◦ twist grain boundaries. They attributed the strengthening effect to the local

ledges and stress variation at grain boundaries caused by Zr dopants. This study clearly

demonstrated the importance of dislocation core/interface structure interactions at the

atomic scale on the resistance to dislocation glide and hence strength. Due to the chal-

lenge in in-situ experiments and the limited MD studies, it is still not fully understood

how CLS occurs at nano scale and the effects of interface structure, layer thickness and

dislocation distribution on CLS.

In this chapter, using MD simulation, the effects of interface structure, layer thickness

and dislocation distribution on the dynamics of and resistance to CLS in nanolaminates

78



Confined layer slip of dislocations in metallic nanolaminates Chapter 4

are studied. To investigate the effect of interface structure, three interfaces are consid-

ered, including the biphase Cu/Nb incoherent interface, homophase Cu/Cu incoherent

interface, and homophase Nb/Nb coherent interface. The results show that the CLS

of dislocations can be significantly obstructed by the misfit dislocations within the in-

coherent interfaces, in particular when the intersection line between the glide plane of

dislocation and the interface coincides with the misfit dislocation lines. To investigate the

effects of layer thickness and dislocation distribution, a Nb/Nb nanotwinned nanolami-

nate with coherent twin boundaries (CTBs) is utilized. To best highlight the role of the

interface, the calculations and size effect analysis are also repeated on a Nb nanofilm

of the same thickness wherein the layer is bounded by free surfaces. It is shown that

when L > 40 nm, dislocation CLS motion within the layers is jerky, in which each end

alternately pins and depins from the interface. The effects of dislocations gliding in the

neighboring layers are also examined. Neighboring like-signed dislocation that glide syn-

chronously on the same planes substantially lower the CLS stress. Also, in this case,

glide is smooth, and the layer size effect on CLS stress is weak. When CLS models are

compared with the MD results for a Nb nanofilm and nanolaminate with and without

neighboring dislocations, it is found the interface-dislocation interaction can be captured

by an additional layer thickness-independent interface resistance term. The dynamics

and corresponding CLS stress of other dislocation distributions are also probed.

4.2 Methodology

4.2.1 Software for atomistic simulations and visualization

LAMMPS [123] is utilized for all atomistic simulations. To visualize the atomic

configurations and analyze dislocation glide behavior, the adaptive common neighbor
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analysis [169] implemented in OVITO [125] is employed.

4.2.2 Interatomic potentials

The EAM potentials developed by Zhang et al. [197] is applied to describe the atomic

interactions of Cu-Cu, Nb-Nb and Cu-Nb. The Cu-Cu and Nb-Nb interactions in this

potential are consistent with those in the pure Cu EAM potential by Mishin et al.

[198] and pure Nb Finnis-Sinclair potential by Ackland et al. [199]. The Cu EAM po-

tential has been verified capable of simulating dislocation dynamics effectively in Cu

[200, 201, 202, 203]. The Nb Finnis-Sinclair potential has been utilized in prior work for

calculating dislocation-related properties in Nb, such as the Peierls stress [204]. Finally,

the Cu-Nb interaction employed here has been widely applied to understand deformation

mechanisms in strained Cu/Nb composites [205, 206, 207, 208].

4.2.3 Bicrystal model set up

Figure 4.1 shows the schematic that is used for modeling CLS in all nanolaminates

considered here. First, the modeling starts with two single crystal layers M and M
′

and

they can be Cu or Nb layer. The dimensions along the x (or x′) and z (or z′) direction

are 43 × 26 nm2. PBCs are applied along the x (or x′) and the y (or y′) axes, while

traction-free boundary conditions are imposed along the z (or z′) axis [209, 210]. These

boundary condition settings are similar to those used in the periodic array of dislocation

model that is often applied to calculate the Peierls stress [204, 211]. When the effects

of interface structure and dislocation distribution on CLS are investigated, the single

crystal layers M and M
′

have the same layer thicknesses of L′ = L = 5 nm along the y

(or y′) direction. When the effect of layer thickness on CLS is studied, the M
′

layer has

a constant layer thickness of L′ = 5 nm and the thickness of layer M is varied from L
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Table 4.1: The lattice coordinates of single crystal layers M and M
′

in the nanolami-
nate systems. The axes x, y, and z denote the lattice coordinates in layer M, while x′,
y′, and z′ are those for layer M

′
. The figure is taken with permission from Ref. [196].

nanolaminate (M/M
′
) x y z x′ y′ z′

Cu/Cu [11̄0] [112̄] [111] [11̄0] [112] [1̄1̄1]
Nb/Nb [111̄] [112] [11̄0] [1̄1̄1] [112] [1̄10]
Cu/Nb [11̄0] [112̄] [111] [111̄] [112] [11̄0]
Nb/Cu [111̄] [112] [11̄0] [11̄0] [112̄] [111]

= 5, 10, 20, 30, 40, 50, 60, to 70 nm. Note that when the CLS is studied with respect

to interface structure, four nanolaminate models with different combinations of M and

M
′

are built, whose corresponding crystallographic orientations for x (or x′), y (or y′)

and z (or z′) are listed in Table 4.1. When the CLS is studied with respect to layer

thickness and dislocation distribution, both M and M
′

are Nb, corresponding to the

Nb/Nb combination in Table 4.1

According to the lattice coordinates in M and M
′
, the interfaces in Cu/Cu, Nb/Nb,

and Cu/Nb (or Nb/Cu) nanolaminates are symmetric incoherent twin boundaries (SITBs),

CTBs, and {112} Kurdjumov-Sachs (KS) interfaces, respectively. Grain M is shifted in

relation to grain M
′

along the two in-plane directions, i.e., x (or x′) and z (or z′), to cre-

ate 100 rigid body translations (RBTs), and six different cutoff distances within which

one atom is removed from the atom pair in the interface are considered. As a result, a

total of 600 initial structures are built for each nanolaminate and the one with the lowest

interface energy after energy minimization by the conjugate gradient algorithm is chosen.

In each case, the minimization process is terminated when one of the following criteria

is satisfied [212, 213]: (1) the energy change between successive iterations divided by the

energy magnitude is less than or equal to 10−12 or (2) the length of the global force vector

for all atoms is less than or equal to 10−12 eV/Å.

In all analytical theories, it is assumed that the confined dislocation within a layer

spans the entire layer thickness and thus its initial line length in our MD models equals the

81



Confined layer slip of dislocations in metallic nanolaminates Chapter 4

Figure 4.1: Schematic of the atomic configuration used to simulate confined layer slip
(CLS) in the nanolaminate, where M and M

′
are two single crystalline layers. The

layer thickness of M
′

is L′ = 5 nm, while that of M varies from L = 5, 10, 20, 30, 40,
50, 60, to 70 nm. The axes x, y, and z correspond to the lattice coordinates in layer
M, while x′, y′, and z′ are those in layer M

′
. The edge dislocations with Burgers vector

b are represented by red lines and are inserted in either layer M only or both layers.
When there are two dislocations, their b can be in the same direction or in opposite
directions. The spacing between the glide planes of the neighboring dislocations is d.

layer thickness, which is consistent with the assumption in the theories. After building the

nanolaminates with the lowest interface energy, a perfect edge dislocation with Burgers

vector b is inserted to grain M or both layers, as shown in Figure 4.1. The method

for inserting the edge dislocation depends on whether the layer is Cu or Nb. For the

dislocation in the Cu layer, b = (a0/2) 〈110〉, while in the Nb layer b = (a0/2) 〈111〉,

where a0 is the corresponding lattice parameter of Cu or Nb. The dislocation is introduced

in Cu layer by deleting two (11̄0) atomic planes and the dislocation in Nb by deleting

three (111̄) atomic planes. After insertion, the system energy is minimized again, which

causes the (a0/2)[11̄0] dislocation in Cu to dissociate into two 60◦ Shockley partials with

Burgers vectors (a0/6)[12̄1] and (a0/6)[21̄1̄], respectively. In contrast, the (a0/2)[111̄]

dislocation in Nb does not dissociate [157, 214]. For classification, if the edge dislocation

is only inserted into the M layer, the cases are referred to as “Alt-NL”, conveying that due
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to PBCs, the dislocations lie alternatively in neighboring layers of nanolaminate. If an

edge dislocation is placed into both the M and M
′

layers, the cases are named “All-NL”,

since dislocations exist in all layers of the nanolaminate. For this case, their Burgers

vectors can have either the same direction or opposing directions, denoted by “All-NL-S”

or “All-NL-O”, respectively. Furthermore, the spacing d between the glide planes of these

two dislocations is varied from 0, 2.5 nm, to 5 nm. For comparison, nanofilm models

are built by bounding layer M between two traction-free surfaces along the y direction.

Note that all the nanolaminates are Alt-NL configurations when the effect of interface

structure is investigated.

After inserting the dislocation into the bicrystal model, a dynamic relaxation step at

1 K is performed under NPT ensemble. This low temperature is chosen to minimize the

effect of thermal fluctuations and the same temperature is also used during subsequent

loading. To apply the NPT ensemble with PBCs along all three directions in the system,

two or four vacuum regions, above and below the free surfaces along the z-axis, or y- and

z-axes, are created in the nanolaminate and nanofilm configurations, respectively. After

thermal relaxation, the vacuum regions are removed and the boundary conditions along

the z-axis, or both y- and z-axes, return to being non-periodic.

Next, the atomic configuration is divided into three regions from the free surface to the

glide plane of the dislocation, which are the boundary region, the thermostat region, and

the non-thermostat region, whose thicknesses are 1 nm, 4 nm, and 16 nm, respectively.

In the thermostat regions, the NVT ensemble is utilized, while in the boundary and non-

thermostat regions the NVE ensemble is applied. The application of the non-thermostat

region during dislocation glide on the middle plane leads to the greatest reduction in the

artificial friction of thermostat ensemble [215, 216]. The average velocities of the top

and bottom boundary regions are independently tailored dynamically using the flexible

boundary condition developed by Rodney [217], which ensures the bottom boundary
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is static, while the top boundary moves at the constant velocity that corresponds to a

constant strain rate of 107 s−1. During this process, the total forces of boundary regions

are zero. It should be noted that shear loading in this work is conducted by controlling

first the strain rate and then the strain, rather than the load or the stress.

As mentioned in Equation 1.4, the core cutoff parameter is α = b/rcore. To calculate

α for Nb, the value of rcore for the edge dislocation in Nb should be obtained initially. To

begin, a single crystal Nb atomic configuration with its crystallographic orientations the

same as those of the M layer of Nb/Nb nanolaminate is built and its dimensions are 50.2

(x) × 4.9 (y) × 50.2 (z) nm3. The boundary conditions of the atomic configuration are

the same as those of the nanolaminate configurations. Specifically, the PBCs are applied

in the x and y directions, while the traction-free boundary condition is applied in the

z direction. After inserting the edge dislocation with b = (a0/2) 〈111〉 to the center of

the atomic model, the energy of the entire system is minimized. With this, the total

strain energy E of all atoms in the cylinder in Figure 4.2(a) as a function of its radius

r is obtained in Figure 4.2(b). Here, E is the total potential energy minus the atomic

cohesive energy for per unit length of dislocation line. Since elasticity theory predicts a

logarithmic relation between E and r [92], rcore can be determined from the point in the

E-r curve, where E starts to vary with r logarithmically. More details on the calculation

can be found in [218, 219, 220].

4.3 Theoretical models

In this section, the previously proposed analytical models for the critical stresses for

CLS with respect to layer thickness are revisited and a modified model is introduced.

They all will be tested later against the MD calculations. One of the CLS models is

composed of three terms [89], where the first term addresses line tension as the dislocation
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Figure 4.2: (a) The schematic for Nb atomic configuration where the atoms in a
cylinder with the radius of r are chosen to calculate the total strain energy. BCC
atoms and those with unknown coordination structure are colored in blue and grey,
respectively. (b) Total strain energy E of all atoms in the cylinder in (a) as a function
of its radius r for an edge dislocation with b = (a0/2) 〈111〉 on the {11̄0} glide plane
in Nb. The radius of dislocation core rcore can be determined from the point in the
E-r curve, where E starts to vary with r logarithmically. The figure is taken with
permission from Ref. [221].

bows out between the interfaces, which is described by the Orowan-like relation [222]. The

second and third terms are related to interface effect and the resistance from interfacial

dislocation array, respectively. Since there are no interfacial dislocations in the original

coherent interfaces of the Nb nanolaminate and nanofilm considered here, the third term

is not included in the present analysis. Also because the critical value of the resolved

shear stress applied in the glide plane and direction of the dislocation will be calculated,

the Taylor factor T that converts from local shear to normal stress is removed. With

these two considerations, Equation 1.6 is re-written to obtain the first model for the CLS

glide resistance τL as

τL = m
Gb

L
ln

(
αL

b

)
− f

L
, (4.1)

where m is a material parameter and as mentioned, f is the change in interface energy

with straining. It depends on the properties of the interface and it was normalized by L
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to give the term f/L with dimension of stress.

If Equation 1.6 is applied more strictly to the particular stress/single crystalline layer

orientation considered here, then the parameter χ is 90◦, and m in Equation 4.1 is equal

to (4 − v)/ [8π(1− v)]. These substitutions give a slightly different expression for the

CLS shear stress, denoted by τM:

τM =
Gb

8πL

(
4− v
1− v

)[
ln
αL

b

]
− f

L
. (4.2)

Next, a new model is considered that involves two terms, where the first term is due

to line tension, as before, and the second term arises from the interface-dislocation inter-

action. Again, since the interfaces are coherent, the additional resistance from interfacial

dislocations is not included. With these considerations, the CLS model, denoted by τf ,

becomes

τf = m
Gb

L
ln

(
αL

b

)
+ fint, (4.3)

where fint represents an interface resistance resulting from interface-dislocation inter-

action. It is dependent on the properties of the interface but independent of L. The

interface stress as a separate resistance and the inverse dependence on L are not in-

cluded. The coefficient m is retained as a material parameter. According to Figure 4.2,

rcore is 3b and thus, α = b/rcore = 0.333 for the models shown above.

As a final model, an equivalent shear stress is considered for CLS for the Hall-Petch

model in Equation 1.7, given by

τHP = τ0 +
k√
L
. (4.4)

where τ0 is the slip resistance in the crystalline layer, without the influence of the interface,

and k is the Hall-Petch-like coefficient.
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In what follows, the results from MD simulations of CLS in Nb with these four models,

τL, τM, τf , and τHP will be compared. For Nb, b, v, and G are 0.286 nm, 0.398, and 37.5

GPa, respectively. The latter two are effective isotropic values for Nb obtained using the

Hill average [223]. Thus, (4− v)/ [8π(1− v)] = 0.238 in the τM model.

4.4 Results

4.4.1 Effect of interface structure

Interface structure and energy

Following the procedure in the Methodology section in this chapter, four nanolaminate

models with various combinations of M
′

and M are built to study the effect of interface

structure, all with the same individual layer thickness of L′ = L = 5 nm. The first two

are single-phase materials, where one is a Cu/Cu nanolaminate with {112} SITBs and

the other is a Nb/Nb nanolaminate with {112} CTBs. The remaining two are Cu/Nb

nanolaminates with {112} KS interfaces, one with Cu layer as M layer and another

with Nb layer as M layer. The relaxed equilibrium atomic structures of these interfaces

are shown in Figure 4.3. The Cu/Cu SITBs and Cu/Nb {112} KS interface contain a

network of misfit (or interfacial) dislocations, which have been characterized in detail

in Refs. [224, 225]. The Cu/Cu SITB has an alternating pattern of two parallel arrays,

oriented along the [11̄0] direction, with Burgers vectors b1 and −2b1 on every (111) plane,

where b1 is a Shockley partial dislocation [224]. The misfit b1 dislocation extends from

the interface an intrinsic stacking fault (ISF) about 5 Å long on a {111} glide plane

in Cu. The Cu/Nb {112} KS interface contains three misfit dislocation arrays, with

Burgers vectors b1, b2, and b3 [225]. The line orientations of the b1 and b2 arrays are

parallel and aligned along the FCC[11̄0]‖BCC[111̄] axis, while that of the b3 array is
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oriented normal to them, directed along FCC[111]‖BCC[11̄0]. The b1 misfit dislocation

is an edge-type Shockley partial dislocation, with its Burgers vector directed normal to

the plane. Due to the low ISF energy of Cu, b1 extends an ISF about 9 Å in length

into the Cu layer. The Burgers vectors b2 and b3 line in the plane of the interface,

where b2 is a Frank partial (aCu/3) 〈111〉 and b3 is a full dislocation. This interface is

also faceted with alternating terrace FCC{111}‖BCC{110} and FCC{001}‖BCC{110}

planes. In contrast, the Nb/Nb CTB is, by definition, atomically flat and lacking misfit

dislocations.

Figure 4.3: The atomic configurations of nanolaminate systems with the M/M
′

com-
binations of (a) Cu/Cu, (b) Nb/Nb, (c) Cu/Nb and (d) Nb/Cu. FCC, BCC, HCP
atoms and those with unknown coordination structure are colored by green, blue, red,
and gray, respectively. The glide planes on which dislocations could glide in the cen-
tral M layer are indicated by the dashed lines and distinguished by numbers. M and
M

′
denote neighboring layers of distinct orientations and, in some cases, dissimilar

materials as well. The figure is taken with permission from Ref. [196].

The interfacial energies of the three interfaces are listed in Table 4.2. The interface

energy of the SITB in the Cu/Cu nanolaminate is 467.8 mJ/m2, lower than the previ-

ously reported values (591.9 mJ/m2 [226] and 590 mJ/m2 [224]) calculated by the same
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Table 4.2: Interfacial energies (in mJ/m2) of the three interfaces in Figure 4.3. The
table is taken with permission from Ref. [196].

Cu/Cu Nb/Nb Cu/Nb
467.8 137.4 822.3

potential. The differences can arise from the choices made on the number of RBTs and

cutoff distances used. For example, in Ref. [226], the number of RBTs was 14 and of

cutoff distances 172. Here, a larger number of RBTs of 100 but a smaller number of

cutoff distances of 6 are used. In comparison, the DFT SITB energy in Cu is 630 mJ/m2

[227]. Our work predicts the CTB energy in Nb is 137.4 mJ/m2, while the DFT result is

250 mJ/m2 [227]. Note that DFT calculations in Ref. [227] attempted approximately 100

RBTs but with only one cutoff distance, for each grain boundary. The {112} KS inter-

face energy of Cu/Nb nanolaminate in our calculations is 822.3 mJ/m2, consistent with

the values (820 to 897 mJ/m2) in the previous works [228, 225], which used a different

potential [229].

Glide planes

To investigate the effect of interface structure on CLS, the edge dislocation is only

inserted to M layer, corresponding to Alt-NL cases, and M and M
′

have the same layer

thickness of 5 nm. The many parallel glide planes, lying within the layers, while being

crystallographically equivalent, are not equal in their relationship with the misfit dislo-

cations lying in the interfaces that bound the layers. For the Cu SITB in the Cu/Cu

nanolaminate, the periodic unit spans three glide planes in Cu, as shown in Figure 4.3(a).

Cu1, Cu2, and Cu3 are used to denote these planes. All glide planes intersect the Cu/Cu

SITB interface along a line that coincides with the line of a misfit dislocation. These

glide planes hereinafter are referred to as misfit glide planes. The calculations for CLS

are repeated for all three planes. Likewise, for the {112} KS interface in the Cu/Nb
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nanolaminate, the atomic structure repeats every nine planes in Cu and eight planes in

Nb. Among the three different misfit dislocation arrays in this interface, two of them, the

b1 and b2 arrays, are oriented along the FCC[11̄0]‖BCC[111̄] axis and thus share a line

of intersection with two glide planes in both Cu and Nb. No plane has a line of intersec-

tion with the interface that is aligned with b3. The nine {111} planes in Cu within the

repeating unit of the interface are denoted by Cu1Nb, Cu2Nb, ..., and Cu9Nb. Likewise,

the eight {11̄0} planes spanning the interface periodic unit are designated by Nb1Cu,

Nb2Cu, ..., and Nb8Cu. As shown in Figure 4.3(c), the two misfit glide planes in Cu are

Cu5Nb and Cu9Nb, coinciding with b1 and b2, respectively. As seen in Figure 4.3(d), the

two misfit glide planes in Nb for these same misfit dislocations are Nb3Cu and Nb6Cu.

CLS between two Cu/Cu interfaces

Figure 4.4: (a) Shear stress-strain curves arising from the glide of an edge dislocation
in the Cu layer of a Cu/Cu nanolaminate. The figure compares the response for
dislocation glide on planes Cu1, Cu2, and Cu3, the three distinct glide planes in
Cu/Cu nanolaminate systems shown in Figure 4.3(a). For comparison, the response
of the same edge dislocation gliding in either Cu single crystal (SC-Cu) or Cu nanofilm
of the same thickness as the M layer in the Cu/Cu nanolaminate is shown. The Cu
nanofilm case corresponds to the CLS between two free surfaces in Cu (FS-Cu). (b)
Zoomed in view of the Cu1, Cu3, SC-Cu, and FS-Cu curves in (a) to better compare
their peak stresses. The figure is taken with permission from Ref. [196].

Figure 4.4(a) compares the shear stress-strain curves associated with the glide of dis-
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locations on planes Cu1, Cu2, Cu3 in the Cu/Cu nanolaminate, as well as in the reference

cases, SC-Cu and FS-Cu. It is observed that the stresses to move the dislocations are

strongly dependent on the glide plane. Among them, CLS on planes Cu1 and Cu3 have

similar stress responses, characterized by stress fluctuations around zero (Figure 4.4(b))

over the entire straining period. In the early stages of straining, the stress amplitudes

in Cu3 are approximately 41 MPa, but as straining proceeds to the strain of 0.012, they

reduce to 8 MPa. Similarly, the stress amplitudes in Cu1 are initially 22 MPa but even-

tually reduce to 12 MPa at a strain of 0.009. The peak stress for CLS on plane Cu2

is notably six to ten times greater than that for the other two glide planes. The Cu2

response involves a long period of straining where the stress rises continually to a peak

value of 278 MPa, after which it drops rapidly before rising again.

Next, the behavior of the dislocations corresponding to these three stress-strain re-

sponses is analyzed. Dislocations on all planes begin to move when the first peak stress

is reached, 41 MPa for Cu3, 22 MPa for Cu1, and 278 MPa for Cu2. With continued

straining, the motion is oscillatory, meaning the dislocation moves repeatedly forwards

and backwards. As an example, the oscillatory dislocation motion in the Cu2 plane is

shown in Figure 4.5. In each oscillation cycle, the forward displacement is far greater

than the backward displacement and therefore, the dislocation still advances forward,

that is, in the direction of the applied shearing.

The oscillatory behavior, involving relatively short backward displacements, is not

typically discussed or expected. It can arise from the strong interactions with the defects

in the bounding SITB interfaces. Unique to the SITB, the periodicity of the misfit

dislocations. equals the periodicity of the lattice. The misfit spacing corresponds to the

interplanar spacing and so all glide planes in the layer intersect the interface along a

misfit dislocation line. Further, the Burgers vectors of the misfit dislocations alternate

in sign with every plane, causing the interactions between these misfit dislocation arrays
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Figure 4.5: Snapshots of dislocation motion in the Cu2 CLS model at different shear
strains: (a) 0.0105, (b) 0.0108, (c) 0.0114 and (d) 0.0120. BCC, HCP atoms, and
those with unknown coordination are colored by blue, red, and gray, respectively.
Atoms belonging to the perfect FCC structure are not shown to better visualize the
interfaces, free surfaces, and dislocations. The figure is taken with permission from
Ref. [196].

and the moving edge dislocation to change rapidly between attraction and repulsion,

resulting in oscillatory glide.

The differences in peak stress to initiate glide on these planes likely arise from dif-

ferences in their location with respect to the misfit dislocations in the Cu/Cu interface.

The interface structures and the dissociated edge dislocation for each plane are shown in

Figure 4.3 and Figure 4.6. As shown, planes Cu1 and Cu3 lie above and below, respec-

tively, plane Cu2, which coincides with the plane on which the b1 misfit dislocation has

extended.

The motion of the edge dislocation b on plane Cu2 during the first stages of straining

are analyzed in Figure 4.7. Before deformation, the edge dislocation has dissociated

and its SF can be identified by the HCP atom layer marked A. When strain is first

applied (Figure 4.7(b)), its leading Shockley partial dislocation on the Cu2 plane begins
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Figure 4.6: Atomic configurations of the (a) Cu1, (b) Cu2, (c) Cu3 CLS models, (d)
SC-Cu and (e) FS-Cu models. The visualization is the same as that in Figure 4.5
and atoms belonging to the perfect FCC structure are not shown to better visualize
the interfaces/free surfaces and dislocations. The figure is taken with permission from
Ref. [196].

Figure 4.7: The atomic configurations of the dislocation initially lying on plane 2 at
different shear strains: (a) 0 strain, (b) 0.009, (c) 0.0096, (d) 0.00964, (e) 0.009645 and
(f) 0.009675. FCC, BCC, HCP atoms and those with unknown coordination structure
are colored by green, blue, red, and gray, respectively. Perfect FCC atoms are deleted
to better visualize the interfaces and dislocations. The markers ‘2’ and ‘3’ denote the
glide planes 2 and 3 in Figure 4.3(a), respectively. The labels ‘A’ and ‘B’ represent
two neighboring atomic layers immediately above planes 2 and 3, respectively. Figure
(d) corresponds to the first peak achieved in the stress-strain curve for the dislocation
gliding on plane 2. The figure is taken with permission from Ref. [196].
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to transfer to the plane Cu3 below it through a series of reactions. The transfer begins

with a reaction between the Shockley partial and a dislocation that emits from one of

the interfaces, which produces a leading Shockley partial and second partial dislocation

on the Cu3 plane. The latter glides on the Cu3 plane towards the trailing Shockley

partial on the Cu2 plane. A similar reaction ensues between it and the trailing Shockley

partial, which produces the trailing partial on Cu3. The reaction progresses along the

dislocation lines across the layer to the other interface until both the leading and trailing

Shockley partials lie fully on the Cu3 plane. The entire transfer requires an increase in

the strain and stress (Figure 4.7(c-e)). Once on the Cu3 plane, the full dislocation retains

its Burgers vector and creates the same stacking fault marked B as it did on plane Cu2.

As shown in Figure 4.7(f) the size and shape of the stacking fault B resembles those of

the initial, strain free dislocation on plane Cu3 (see Figure 4.6(c)). The stress drops once

the dislocation glides on plane Cu3. It does not return to plane Cu2 for the remaining

straining period. The ultra-high peak stress for plane Cu2, mentioned earlier, corresponds

to the stress required to transition the extended dislocation to a parallel plane in order

to overcome the extended misfit dislocation.

For comparison, the glide of the same dislocation but without the influence of misfit

dislocations is considered. In one case, the dislocation is driven to glide in a single

crystal without surfaces to confine its motion (SC-Cu) and in another case, it is forced

to glide in a thin film between two free surfaces (FS-Cu). Figure 4.4(a) shows the

shear stress-strain curves for SC-Cu and FS-Cu. The responses are irregular, suggesting

that glide is not smooth (Figure 4.4(b)). For the Cu single crystal, the fluctuating

response has been reported in previous MD studies [230, 231]. For the SC-Cu and FS-Cu

cases here, the first peak stress amplitudes are much smaller than those in the Cu/Cu

nanolaminate, being ∼ 4 MPa in the SC and ∼ 6 MPa in the FS (Figure 4.4(b)). In the

case of the single crystal, the main contribution to resisting motion originates from the
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lattice. Its peak value can be roughly compared to a Peierls stress calculation for the

same dislocation, which is ∼ 3 MPa, when using the same interatomic potential. Note

that prior atomistic simulations, which used different model configurations, model sizes,

and/or loading modes, reported lower Peierls stresses of an edge dislocation in SC-Cu

with the same interatomic potential: 2.5 MPa [219], 1.4 MPa [232], and 1.3 MPa [230]. In

the case of FS-Cu, both lattice resistance and confinement imposed by the resisting free

surfaces contribute to the dislocation gliding resistance. The result is a nearly two-fold

increase in resistance from that in the single crystal.

Analysis of the motion in the SC-Cu and FS-Cu cases finds them to be jerky, in

which the dislocation repeatedly alternates between accelerating forward and arresting

or moving slowly. Unlike CLS in the Cu/Cu laminate, however, they do not oscillate,

i.e., do not move backward. In glide, the dislocations in SC or FS are not repeatedly

interacting with misfit dislocations with Burgers vectors that alternate repeatedly in sign

and are equal or double in value to its Burgers vector.

CLS between two Nb/Nb interfaces

Figure 4.8 presents the response associated with CLS of an edge dislocation in the

Nb/Nb nanolaminate. Unlike the Cu/Cu nanolaminate, dislocations gliding in the Nb

layer are constrained to glide between two coherent interfaces. As the stress is applied,

dislocations, lying initially on either the Nb1 or Nb2 plane, begin to move when the stress

reaches 30 MPa. They remain on their habit planes at all times and their glide behavior

is smooth and not jerky, seemingly unhindered, without being pinned at any point in

time. Their corresponding stress-strain responses in Figure 4.8 show a continually rising

stress as the strain is increased, until reaching a stress plateau of 670∼680 MPa. The

behavior on the Nb1 and Nb2 planes are similar, likely because the interface structures,

where they intersect, are indistinguishable (see Figure 4.9(a–b)).
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Figure 4.8: Shear stress-strain curves arising from the glide of an edge dislocation
in the Nb layer of a Nb/Nb nanolaminate. The figure compares the response for
dislocation glide on plane Nb1 and plane Nb2, the two distinct glide planes in Nb/Nb
nanolaminate systems shown in Figure 4.3(b). For comparison, the response of the
same edge dislocation gliding in either Nb single crystal (SC-Nb) or Nb nanofilm of
the same thickness as the M layer in the Nb/Nb nanolaminate is shown. The Nb
nanofilm case corresponds to the CLS between two free surfaces in Nb (FS-Nb). The
figure is taken with permission from Ref. [196].

Figure 4.9: Atomic configurations of the (a) Nb1, (b) Nb2, (c) SC-Nb and (d) FS-Nb
models. The visualization is the same as that in Figure 4.5 and atoms belonging to the
perfect BCC structure are not shown to better visualize the interfaces/free surfaces
and dislocations. The figure is taken with permission from Ref. [196].
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To elucidate the role of the interface, deformation simulations are carried out for the

same dislocation in SC-Nb and FS-Nb. When the shear strain is first applied, the dislo-

cation in SC-Nb remains immobile until the first peak stress of 118 MPa is reached. This

threshold value is lower than the Peierls stress of the same dislocation, 176 MPa, calcu-

lated by molecular statics. Note that prior atomistic simulations, which used different

interatomic potentials [233, 234], reported lower Peierls stresses of an edge dislocation

on {110} plane in SC-Nb: 29 MPa [234], 23 MPa [214], and 6 MPa [211]. Once moving,

similar to SC-Cu, the stress-strain response associated with the gliding SC-Nb dislocation

also fluctuates, but around a positive value of ∼ 66 MPa rather than zero. As a result,

the dislocation motion is jerky.

In stark contrast with SC-Nb, FS-Nb has three peak stresses in its stress-strain curve,

each followed by a substantial drop in stress to a long stress plateau. Dislocation glide is

not jerky. In the response, rises in stress are associated with pinning of the dislocation

at one of its junctions with the free surface and drops in stress are associated with

depinning. After depinning the third time, the dislocation moves at a constant velocity,

no longer held back by the free surfaces. The two major peak stresses (∼ 500 MPa and

∼ 472 MPa) and steady state stress ∼ 144 MPa are significantly larger than the peak

stress associated with moving the same dislocation in SC-Nb. As in the case of Cu,

the resistance to flow in FS-Nb is twice that in the single crystal, the difference can be

attributed to the additional resistance provided by the free surfaces.

CLS between two Cu/Nb interfaces

Next the CLS of the same edge dislocation in a Cu/Nb nanolaminate is examined.

The dislocation gliding in the Nb layer and Cu layer is confined by the same incoherent

Cu/Nb interface with the same misfit dislocation arrays. The main difference, however,

is that the dislocations in one misfit array extend an ISF onto a glide plane of the Cu
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Figure 4.10: Shear stress-strain curves arising from the glide of an edge dislocation
in the Cu layer of a Cu/Nb nanolaminate. (a) compares the responses for dislocation
glide on planes Cu2Nb, Cu5Nb, and Cu6Nb, the three distinct glide planes in the
Cu/Nb nanolaminate that achieve the relatively higher peak stresses. (b) compares
the responses for dislocation glide on the remaining six planes, denoted by Cu1Nb,
Cu3Nb, Cu4Nb, Cu7Nb, Cu8Nb and Cu9Nb. The nine distinct planes, which are
marked in Figure 4.3(c), have different locations with respect to the misfit dislocations
lying in the Cu/Nb interface. The figure is taken with permission from Ref. [196].

Figure 4.11: The atomic configurations of the edge dislocation initially lying on plane
5 at different shear strains, starting with (a) 0 strain, when it lies on plane 5, and
increasing to (b) 0.0075, (c) 0.00975, (d) 0.00982, (e) 0.00983, and (f) 0.0099. The
visualization is the same as that in Figure 4.7. The markers ‘5’ and ‘6’ denote glide
planes 5 and 6 in Figure 4.3(c), respectively. The labels ‘A’ and ‘B’ represent two
neighboring atomic layers immediately above planes 5 and 6, respectively. Figure (c)
corresponds to the first peak of stress-strain curve denoted as Cu5Nb in Figure 4.10(a).
The figure is taken with permission from Ref. [196].
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layer but not the Nb layer.

Figure 4.10 compares the stress-strain curves associated with dislocation glide on all

nine {111} planes in the Cu layer. The responses are irregular, with fluctuating stresses,

a sign of jerky flow. They show that glide is highly dependent on which glide plane is

used. Among the nine planes, the peak stresses and irregularities are distinct, with no

two responses being alike. Glide on the misfit glide planes, Cu5Nb and Cu9Nb, reach the

highest and second highest peak stresses (e.g., first peaks are 316 MPa and 257 MPa),

respectively. In contrast, glide on the planes that intersect the interface nearly halfway

between two arrays, Cu2Nb and Cu7Nb, result in the lowest peak stresses.

Next, the motion of all gliding dislocations under strain is analyzed. The first peak

stress corresponds to the stress needed to initiate dislocation glide and the stress drop

that follows to forward glide. Once in motion, CLS in all planes is jerky, consistent with

the irregular stress-strain response. The dislocation arrests causing the stress to rise

again until it reaches another peak sufficient to restart CLS. Unlike CLS in the Cu/Cu

nanolaminate, CLS in the Cu layer of the Cu/Nb nanolaminate is not oscillatory.

The incipient motion of the dislocations in the two glide planes is further examined.

These two glide planes correspond to the misfit dislocations within the interface, since

they required substantially higher stresses than the other seven planes. The first of which,

Cu5Nb, coincides with the b1 misfit array. The misfit edge Shockley partial dislocation

has extended an ISF from the interface onto Cu5Nb, directly obstructing the glide of the

dislocation. When the strain is first applied, the dislocation begins to transfer to Cu6Nb

(Figure 4.11(b)), in order to overcome the extended misfit. As the stress and strain

increase, the leading Shockley partial gradually moves downward onto the Cu6Nb plane,

as indicated by the reduction of the fault A and expansion of fault B (Figure 4.11(c–e)).

When the first peak stress is reached, the dislocation completes its transfer to Cu6Nb,

as shown in Figure 4.11(f), resulting in the first rapid stress drop in Figure 4.10(a). The
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Figure 4.12: Atomic configurations of Cu/Nb CLS models with an edge dislocation
inserted on a {111} plane in the Cu layer: (a) Cu1Nb, (b) Cu2Nb, (c) Cu3Nb, (d)
Cu4Nb, (e) Cu5Nb, (f) Cu6Nb, (g) Cu7Nb, (h) Cu8Nb and (i) Cu9Nb. The visu-
alization is the same as that in Figure 4.5 and BCC/FCC atoms are not shown to
better visualize the interfaces and dislocations. The figure is taken with permission
from Ref. [196].

shape and width of the dissociated dislocation in Figure 4.11(f) is similar to the stress-free

state of the same dislocation initially placed on plane Cu6Nb, as shown in Figure 4.12(f).

The dislocation then proceeds to glide forward on plane Cu6Nb in a jerky manner. On

the other misfit glide plane, Cu9Nb, which coincides with misfit Frank partial b2, the

dislocation does not leave its initial glide plane and remains still as the strain is applied.

After the first peak stress is reached, the dislocation begins to move and the stress drops.

It is shown that between the two misfit glide planes, whether or not the misfit protrudes

into the layer on the same glide plane as the dislocation can dictate whether or not the

dislocation must leave its glide plane or can remain on it.

Figure 4.13(a–b) studies the shear stress-strain curves corresponding to CLS on the

eight 110 planes in the Nb layer. The initial atomic configurations of the edge dislocations

on each of these planes prior to deformation are shown in Figure 4.14. Like those for

CLS in the neighboring Cu layer, the deformation responses for CLS are irregular and

fluctuate, exhibiting many peaks and stress drops. The peak stress levels are on average
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Figure 4.13: Shear stress-strain curves arising from the glide of an edge dislocation
in the Nb layer of a Cu/Nb nanolaminate. (a) compares the responses for dislocation
glide on planes Nb1Cu, Nb3Cu, Nb4Cu and Nb6Cu, the four distinct glide planes in
the Cu/Nb nanolaminate that achieve relatively higher peak stresses. (b) compares
the responses for dislocation glide on the remaining four planes, denoted by Nb2Cu,
Nb5Cu, Nb7Cu and Nb8Cu. The eight distinct planes, which are marked in Fig-
ure 4.3(d), have different locations with respect to the misfit dislocations lying in the
Cu/Nb interface. The figure is taken with permission from Ref. [196].

two to four times higher than those reached in Cu with first peak stresses ranging from

233 MPa for Nb8Cu to 445 MPa for Nb6Cu. In analyzing dislocation motion in all planes,

It is found that dislocation remains on its original glide plane and its motion is jerky.

Figure 4.14: Atomic configurations of the Cu/Nb CLS models with an edge dislocation
inserted on a {110} plane in the Nb layer: (a) Nb1Cu, (b) Nb2Cu, (c) Nb3Cu, (d)
Nb4Cu, (e) Nb5Cu, (f) Nb6Cu, (g) Nb7Cu and (h) Nb8Cu. The visualization is the
same as that in Figure 4.5 and atoms in the perfect BCC lattice and FCC lattice are
not shown to better visualize the interfaces and dislocations. The figure is taken with
permission from Ref. [196].

Similar to glide in the Cu layer, the resistance to glide in Nb is greatly affected

by the orientation relationship between its glide plane and the Cu/Nb interface misfit
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Figure 4.15: Shear stress-strain curves of Cu/Cu, Cu/Nb and Nb/Nb nanolaminates
without the preexisting dislocation under shear loading at a constant strain rate of 107

s−1. The arrows denote the moments of dislocation nucleation in different nanolami-
nates, respectively. The figure is taken with permission from Ref. [196].

dislocations. The two planes experiencing the greatest resistance are the two misfit glide

planes, Nb6Cu and Nb3Cu. Dislocations from neither misfit array extend into the Nb

layer, possibly explaining why the gliding dislocation can remain on its habit plane at all

times. Of the two misfit glide planes, glide on the Nb6Cu plane, which is aligned with

the b2 array with the larger Burgers vector, experiences a greater resistance than the

Nb3Cu plane, which intersects the b1 array with the smaller Burgers vector. In contrast,

the Nb8Cu plane that intersects the interface midway between the b1 and b2 array lines

experiences the least resistance. Last, compared to the Cu/Nb nanolaminate, the same

Nb dislocation gliding in a Nb/Nb nanolaminate layer bounded by CTBs experiences a

much lower resistance to initiate CLS. Glide is smooth and uniform among the planes

and not jerky.

It is worth noting that the stress to nucleate plus glide the dislocation in the layer is

much higher than that to move a pre-existing dislocation via CLS. Figure 4.15 presents

the shear stress-strain curves for the defect-free Cu/Cu, Cu/Nb and Nb/Nb nanolami-

nates under shear loading at a constant strain rate of 107/s. According to Figure 4.15,
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dislocation nucleation in the laminate without the preexisting dislocation requires ap-

proximately 6 to 10 times higher applied stress than CLS of the pre-existing dislocation

in the same laminate. Thus, it is unlikely that additional dislocations will nucleate from

the interface, while the dislocation is moving in CLS.

4.4.2 Effect of layer thickness

CLS in Alt-NL configurations

In some deformed nanolimanites, only a few layers have a moving dislocation, because

these layers may have a weaker dislocation source or be much more favorably oriented

for glide than the adjacent layers. In these cases, CLS occurs in one layer but not

the neighboring layers. This configuration, called Alt-NL, is studied, which is also the

commonly studied configuration, in this section. Note that all the atomic models utilized

to investigate the effect of layer thickness are Nb/Nb nanolaminates.

Figure 4.16: Shear stress-strain curves in the Alt-NL configurations of Nb/Nb
nanolaminates. Here, Alt-NL denotes the nanolaminate with a gliding dislocation
confined in the layer M while the neighboring layer M

′
is dislocation-free. The layer

thickness of M
′

is constant with L′ = 5 nm, while that of M varies: L = 5, 10, 20, 30,
40, 50, 60, and 70 nm. Due to PBCs along the y direction, dislocations exist alterna-
tively in the neighboring layers. When L ≥ 50 nm, the stress fluctuates significantly
around a nominal value, as shown by the corresponding arrow, which is referred as
the plateau stress. The figure is taken with permission from Ref. [221].
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Figure 4.16 compares the shear stress-strain curves in the Alt-NL configurations of

Nb/Nb nanolaminates with various layer thickness L for the M layer. In Figure 4.16,

the shear stress rises and eventually plateaus. As L increases from 5 nm to 40 nm, the

plateau stress decreases from 668.0 MPa to 211.8 MPa.

Figure 4.17: Snapshots for dislocation glide in the Alt-NL configuration of Nb/Nb
nanolaminate with the layer thickness (a–d) L = 5 nm and (e–h) L = 70 nm. The
blue arrows denote the CLS directions. The figure is taken with permission from
Ref. [221].

To correlate the stress-strain response with the motion of the dislocation, snapshots

of dislocation glide for L = 5 nm are analyzed in Figure 4.17(a–d). They reveal that the

dislocation line remains nearly straight with little bow-out when it glides. In addition,

the confined dislocation glides smoothly at a nearly constant rate, corresponding to the

steady plateau stress for L = 5 nm. Furthermore, the final stress plateau for the CLS

models with 5 ≤ L ≤ 40 nm is similar, i.e., there is no significant stress oscillation on

the plateau, suggesting a nearly uniform motion of CLS for L = 5, 10, 20, 30 and 40
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nm. Since the shear stress is proportional to the glide speed of dislocation, the velocity

of CLS decreases in the order of L = 5, 10, 20, 30 and 40 nm.

In contrast, the stress-strain responses for L > 40 nm exhibit significant oscillations

around the plateau stresses. In this regime, for three cases, L = 50, 60 and 70 nm, the

stress fluctuates significantly around a nominal value, as shown by the corresponding

arrow, which we refer to hereinafter as the plateau stress. Further, the plateau stress has

a weak dependence on L, decreasing only slightly as L increases from 40 nm to 60 nm

and then remaining almost unchanged for 70 nm.

Analyzing the dislocation motion, it is found that such severe stress oscillations are

the result of staggered dislocation motion, described as the pinning and depinning of

the two ends of the long dislocation line. As an example, Figure 4.17(e–h) shows the

dislocation motion in the case of L = 70 nm under shear loading. The dislocation line is

almost straight in the beginning and then bows out (ε = 0.00375), since one end moves

faster than the other. As the leading bottom end moves, it drags the other end and

bows out more significantly (ε = 0.01200). As strain increases, glide of the bottom end

experiences more resistance, while the top end accelerates to catch up with the bottom

end (ε = 0.01875). The dislocation glides by pinning and depinning from the interface,

with the two ends of the dislocation alternating in taking the lead. As a result, this

staggered glide occurs repeatedly. Thus, it is found that as the initial dislocation length

increases from 5 to 70 nm, the glide transitions from being smooth to staggered.

CLS in All-NL-S configurations

After some amount of straining, it is likely that all layers in the laminate material,

particularly if the layer material is the same, will have actively moving dislocations. In

this section, the effect of dislocation glide in the neighboring M
′
layers on CLS is studied,

considering all dislocations share the same glide plane and glide at the same time along

105



Confined layer slip of dislocations in metallic nanolaminates Chapter 4

the same direction. This case is referred to as All-NL-S with d = 0 nm.

Figure 4.18: Shear stress-strain curves in the All-NL-S configurations of Nb/Nb
nanolaminates. Here, All-NL-S denotes the nanolaminate has a gliding dislocation
in both M and M

′
layers and these two dislocations share the same Burgers vectors

b. The gliding planes are aligned, i.e., their separation d = 0 nm. The layer thickness
of M

′
is constant with L′ = 5 nm, while that of M varies with L = 5, 10, 20, 30, 40,

50, 60, and 70 nm. The figure is taken with permission from Ref. [221].

Figure 4.18 shows the shear stress-stain curves of the All-NL-S configurations of

Nb/Nb nanolaminates with d = 0 nm. Like the curves for the Alt-NL configurations, the

stress in the All-NL-S configuration increases and then eventually reaches a plateau stress

with an increasing strain. In contrast, none of the All-NL-S curves exhibit significant

oscillations. Further, the plateau stress is substantially lower. For the same L, the

plateau stress for the Alt-NL configuration is three to six times larger than that of the

All-NL-S configuration. In other words, CLS in all the layers is much easier than that

in alternate or separated layers. Another key difference is the weak layer thickness effect

on strength. As L increases from 5 nm to 70 nm, the plateau stresses only decrease from

97.7 MPa to 69.2 MPa, which is 1/16 of the stress reduction in the Alt-NL configuration.

The different responses suggest different modes of dislocation motion. Figure 4.19

compares the dislocation morphology at different times for the finest L = 5 nm and

coarsest L = 70 nm layer thicknesses in the All-NL-S configurations. When L = 5 nm,
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Figure 4.19: Simulation snapshots of the edge dislocations gliding in the M and M
′

layers of Nb/Nb nanolaminate. The layer thickness of M
′

is L′ = 5 nm and that of M
is (a–d) L = 5 nm and (e–h) L = 70 nm. The blue arrows denote the CLS directions.
The definition of All-NL-S is the same as that in Figure 4.18 and the gliding planes
of these two dislocations are aligned, i.e., separation d = 0 nm. The figure is taken
with permission from Ref. [221].

in Figure 4.19(a–d), the dislocations in both M and M
′

move at the same velocity. Their

line morphology is almost straight and steady. This smooth gliding behavior is like that

of the Alt-NL configuration for the same layer thickness L = 5 nm. Similarly, when

L = 70 nm, in Figure 4.19(e–h), the dislocation line in the M layer also remains nearly

straight and moves at the same rate as the dislocation in the neighboring M
′

layer. In

all All-NL-S cases, regardless of L, glide is smooth, and not staggered, throughout the

entire straining period, explaining the lack of stress oscillations in the stress-strain curve.

Also, the dislocation does not bow out significantly, indicating that the interfaces are not

107



Confined layer slip of dislocations in metallic nanolaminates Chapter 4

imposing enhanced resistance relative to the interior of the crystal. When dislocations in

neighboring layers glide in concert, they relieve the resistance imparted by the interface.

The constraint provided by the layer thickness L is reduced, leading to a weakened layer

size effect.

Figure 4.20: The initial atomic structures of interfaces 1 and 2 for (a)–(b) L = 5
nm in the (a) Alt-NL and (b) All-NL-S configurations of Nb/Nb nanolaminates, and
(c)–(d) L = 70 nm in the (c) Alt-NL and (d) All-NL-S configurations of Nb/Nb
nanolaminates. The atoms are colored according to their atomic coordinates along
the y axis and the shear stress component τxz. For All-NL-S, the glide planes of the
dislocations in M and M

′
layers are aligned, i.e., d = 0 nm. Interfaces 1 and 2 are

demonstrated in Figure 4.1, while ‘⊥’ denotes the edge dislocation. The figure is taken
with permission from Ref. [221].

To understand the effect of the neighboring gliding dislocations, the interface/dislocation

junctions with and without neighboring dislocation are first studied, corresponding to the

108



Confined layer slip of dislocations in metallic nanolaminates Chapter 4

All-NL-S cases and Alt-NL cases, respectively. Figure 4.20 compares the y-axis height

maps and stress fields of the interface in the vicinity of the junction for the Alt-NL and

All-NL-S configurations. The height maps in Figure 4.20 indicate the amount the inter-

face protrudes out at the dislocation/interface junction. In Alt-NL cases, an interface

ledge, approximately 3 Å in height, forms at the dislocation/interface junction at each

end of the dislocation. In All-NL-S cases, however, the interface is planar without a

ledge.

Figure 4.21: Misfit dislocations at the interfaces created by the inserted edge disloca-
tions in the Nb nanolaminate. The inserted edge dislocations with Burgers vector b
are represented by the red solid lines along y direction, while the green solid lines along
z direction at the interfaces are the misfit edge dislocations created by inserting the
confined edge dislocation to either layer M only or both layers. The red dashed lines
denote the moving edge dislocations, each of which drags two misfit screw dislocations
at the interfaces, as shown by the blue dashed lines. (a), (b) and (c) correspond to
Alt-NL, All-NL-S and All-NL-O configurations. The spacing between the glide planes
of the neighboring dislocations in M and M

′
layers is d in (b) and (c). The figure is

taken with permission from Ref. [221].
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As shown in Figure 4.21(a), the inserted edge dislocation BC in Alt-NL configuration

creates the misfit edge dislocations AB and CD at the interfaces, which results in the

interface ledge at each interface. When the confined dislocation BC moves, denoted by

B
′
C

′
, it drags two misfit screw dislocations (BB

′
and CC

′
). By contrast, the misfit edge

dislocations (AB and CD) at the interfaces remain stationary during loading. As shown

in Figure 4.21(b), the inserted edge dislocations BC and DA in All-NL-S configuration

create the misfit edge dislocations AB and CD at the interfaces. When the confined

dislocations BC and DA move, denoted respectively by B
′
C

′
and D

′
A

′
, they drag four

misfit screw dislocations, i.e., AA
′
, B

′
B, C

′
C and DD

′
, among which AA

′
and B

′
B (or

C
′
C and DD

′
) have the opposite line directions. By contrast, the misfit edge dislocations

(AB and CD) remain stationary during loading. In this section, we consider d = 0 nm,

and thus the inserted edge dislocations BC and DA do not generate the misfit edge and

screw dislocations at the interfaces in the beginning and during shear loading. Namely,

d = 0 nm results in the disappearance of AB, CD, AA
′
, B

′
B, C

′
C and DD

′
. Therefore,

there is no ledge at the interface for All-NL-S cases with d = 0 nm.

The calculated τxz shear stress fields at each interface are compared in Figure 4.20.

This component helps to drive the dislocation as it moves from left to right in the

direction of the Burgers vector. In Alt-NL cases, with the ledge, the fields are positive in

the direction of motion; however, they differ between the two interfaces. This explains

the staggered motion of the dislocation. Under an applied shear, it can depin more easily

from one end compared to the other. The initial ledges and fields do not change with

layer thickness. However, the distance moved after each end depins is proportional to

the dislocation length. When each end of the L = 70 nm dislocation depins it moves

forward in large increments, leading to pronounced oscillations. In contrast, in All-NL-S

cases, fields are stronger, exhibiting a mirror symmetry about the z direction, and equal

at the two interface/dislocation junctions. The interface shear τxz provides supporting
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and equal driving forces on both sides of the dislocation. Glide is smooth and dislocation

bow-out is extremely slight for all layer thicknesses.

CLS in nanofilm configurations

In order to understand the effect of the coherent interface, the case with the same

layer M but with free surfaces is considered and compared to the Alt-NL case with no

dislocations gliding in the neighboring layers. This comparison intends to reveal whether

the free surface plays the similar role to the coherent interface in the CLS behavior and

imposes a similar layer size effect on strength. Figure 4.22 shows the shear stress-strain

curves for the CLS behaviors in the nanofilm configurations. In all curves, the stress

rises to a first peak and then drops, followed by one or more fluctuations with more

strain. Finally, a plateau stress is reached. As L increases from 5 nm to 40 nm, the

plateau stress drops from 139.5 MPa to 98.2 MPa. For larger L, the plateau stresses

remain almost unchanged and unaffected by L. For the same L, these stresses are much

lower than those for the Alt-NL configurations. The free surface provides much less

resistance to dislocation glide than the CTBs. This result is not directly related to

interface energy. The CTB in the Alt-NL has a lower boundary energy of 137.4 mJ/m2

than the {112} free surface in Nb, 1962 mJ/m2, as shown in Table 4.2. An analysis of

the free surface/dislocation junction sites indicate that the free surface is planar with

no ledges. A comparison with the Alt-NL case suggests that the creation of the ledge

and consequential strain energy penalty in the interface in the Alt-NL case enhanced the

resistance to CLS.

In Figure 4.23, the motion of the dislocation is presented in the Nb nanofilm for two

extreme layer thicknesses L = 5 nm and L = 70 nm. In both cases, the dislocation bows

out and moves in a staggered fashion, pinning and depinning at its ends. The stress-

strain response, as a result, oscillates. Compared with the Alt-NL, the staggered glide
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Figure 4.22: Shear stress-strain curves in the Nb nanofilm configurations. (a) com-
pares the response for layer thicknesses L = 5, 10, 20, and 30 nm, and (b) L = 40,
50, 60, and 70 nm. In the nanofilm, the dislocation glide is confined between two free
surfaces. The figure is taken with permission from Ref. [221].

Figure 4.23: Simulation snapshots for dislocation glide in the Nb nanofilm configura-
tion with the layer thickness of (a–f) L = 5 nm and (g–j) L = 70 nm. The blue arrows
denote the glide directions of dislocations. The figure is taken with permission from
Ref. [221].
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is stronger in the nanofilm. After some amount of strain, the dislocation adjusts itself

to reduce its curvature and glides in a smooth manner. This transition to smooth glide

results in the steady plateau stress seen in the stress-strain response. In steady-state,

the gliding dislocation is almost straight for L = 5 nm but slightly bowed out for L =

70 nm. The reduced bow-out when in the nanofilm indicates that the free surface posed

little resistance to CLS.

Layer size effect on strength

Figure 4.24 compares the variation in critical shear stress with L for the CLS in the

Nb/Nb nanolaminate and Nb nanofilm. For this analysis, the plateau stresses in the

stress-strain curves in Figure 4.16, Figure 4.18, and Figure 4.22 are used as the critical

stresses. In all cases, the size effect is negative, that is, the stress decays as L increases

and there is no sign of an inverse size effect for the range of L studied. As L increases

beyond 30 nm, the size effect diminishes. For the classic case, Alt-NL, in which an

isolated dislocation threads between two interfaces, the resistance is the highest and the

layer size effect the strongest. For comparison, the plateau shear stress to move an edge

dislocation on the {110} plane of a Nb single crystal is indicated on the plot. This plateau

stress, approximately 66 MPa at 1 K, is found to be nearly independent of L. As shown,

the shear stress for the All-NL-S case is close to that for an isolated dislocation. When

dislocations glide in all layers on the same plane, the constraining effect of the interfaces

is nearly removed.

Comparison with analytical models

Figure 4.25 compares the predictions of four strength models with the MD results for

the Alt-NL and All-NL-S and nanofilm cases. The corresponding parameters are listed

in Table 4.3–Table 4.6, respectively. As shown, τf and τHP provide the best fits to the
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Figure 4.24: The plateau flow stress as the function of layer thickness L in the Alt-NL,
All-NL-S and nanofilm configurations. Here, the definitions of Alt-NL and All-NL-S
are the same as those in Figure 4.16 and Figure 4.18, respectively. The plateau flow
stresses are summarized from the stress-strain curves in Figure 4.16, Figure 4.18, and
Figure 4.22. For reference, the plateau shear stress to move the same edge dislocation
in Nb single crystal without interfaces or free surfaces is also indicated by the dashed
line. The value of this plateau stress is 66 MPa. The figure is taken with permission
from Ref. [221].

MD data in all cases, with the τf performing better. In contrast, for the All-NL-S and

nanofilm cases, the τL and τM models have an inflection point at L ≈ 10 nm, below which

the stress decreases with decreasing L.

To obtain agreement, it is found that interface resistance parameter fint of the τf

model is approximately 61 MPa for the Alt-NL and All-NL-S and slightly higher for

the nanofilm at about 88 MPa (see Table 4.5). This can be expected since the CTB

interface is the same in the two former configurations and its energy (137.4 mJ/m2)

is smaller than the free surface energy (1962 mJ/m2) for the {112} surface in Nb, as

shown in Table 4.2. Note that we also compare the interface energy of CTB with and

without a screw dislocation. To estimate the effect of the inserted screw dislocation on

the interface energy of CTB in Nb nanolaminate, we place two screw dislocations with the

opposite Burgers vectors b = (a0/2) 〈111〉 in the CTBs, respectively (see Figure 4.26).

The result shows that the appearance of misfit screw dislocation at the interface does not
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Figure 4.25: Comparison among the analytical curves for Equation 4.1–Equation 4.4
with the (a) Alt-NL, (b) All-NL-S, and (c) nanofilm configurations. The definitions
of Alt-NL and All-NL-S are consistent with those in Figure 4.16 and Figure 4.18, re-
spectively. The parameters for each analytical model are given in Table 4.3–Table 4.6.
The figure is taken with permission from Ref. [221].

Figure 4.26: Schematic of the atomic configuration used to calculate the interface
energy of the Nb nanolaminate where two screw dislocations with the opposite Burgers
vectors b = (a0/2) 〈111〉 are inserted in the CTBs, respectively. The inserted screw
dislocations are denoted by blue solid lines along x direction. The thickness of M and
M

′
layers along y direction are the same, i.e., L = L′ = 5 nm. The figure is taken

with permission from Ref. [221].
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change significantly the interface energy that is only enhanced by 28.9 mJ/m2. The free

surface energy for the {112} surface in Nb is much larger than the interface energy of the

original CTB without screw dislocation. However, the large difference of 1824.6 mJ/m2

only causes an increase of 27 MPa in fint. Thus, it is reasonable that fint is almost the

same for Alt-NL and All-NL-S (61 MPa), which have the interfaces with and without

screw dislocations when shear loading starts, respectively (see Figure 4.21(a) and (b)).

Thus, we think the effect of misfit screw dislocation on the CLS is not significant and

does not influence the accuracy of our proposed τf model.

Table 4.3: The fitting parameters m and f in the τL model (Equation 4.1) for Alt-NL,
All-NL-S, and nanofilm configurations. The definitions of Alt-NL and All-NL-S are
consistent with those in Figure 4.16 and Figure 4.18, respectively. The table is taken
with permission from Ref. [221].

Alt-NL All-NL-S nanofilm
m 0.180 0.0865 0.128

f (MPa · nm) 270.765 1214.104 1816.767

Table 4.4: The fitting parameter f in the τM model (Equation 4.2) for Alt-NL, Al-
l-NL-S, and nanofilm configurations. The definitions of Alt-NL and All-NL-S are
consistent with those in Figure 4.16 and Figure 4.18, respectively. The table is taken
with permission from Ref. [221].

Alt-NL All-NL-S nanofilm
f (MPa · nm) 1539.967 4548.714 4233.440

Table 4.5: The fitting parameters m and fint in the τf model (Equation 4.3) for Alt-NL,
All-NL-S, and nanofilm configurations. The definitions of Alt-NL and All-NL-S are
consistent with those in Figure 4.16 and Figure 4.18, respectively. The table is taken
with permission from Ref. [221].

Alt-NL All-NL-S nanofilm
m 0.142 0.00801 0.0120

fint (MPa) 60.7 60.7 88.1

In τf model (Equation 4.3), the parameter m in its Orowan bowing term is positively

associated with the bowing-out degree of dislocation line. According to the fitting results
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Table 4.6: The fitting parameters τ0 and k in the τHP model (Equation 4.4) for Alt-NL,
All-NL-S, and nanofilm configurations. The definitions of Alt-NL and All-NL-S are
consistent with those in Figure 4.16 and Figure 4.18, respectively. The table is taken
with permission from Ref. [221].

Alt-NL All-NL-S nanofilm
τ0 (MPa) 65.7 61.8 68.0

k (MPa · nm0.5) 1096.211 62.603 169.376

of m in the Table 4.5, the parameter m in the τf model increases in the order of All-NL-S

(0.00801), nanofilm (0.0120), and Alt-NL (0.142), implying that the dislocation line in the

corresponding configuration bows out more significantly in Alt-NL than in the nanofilm

and All-NL-S. This is in agreement with the MD observations in Figure 4.17, Figure 4.19,

and Figure 4.23. m = 0.00801 for All-NL-S is tiny, suggesting that the dislocation line

bows out extremely slightly and looks almost straight. Since fint, i.e., interface resistance,

is close in Alt-NL and All-NL-S, it is m or the dislocation line tension that explains their

differences in flow stress. Due to the enhanced resistance at the interface created by

the ledges compared to that in the interior, the dislocation bows out and overcomes line

tension.

For the τHP model parameters, τ0 is intended to represent the lattice resistance to

dislocation motion, while k represents the barrier effect from the interface. For various

configurations, τ0 ≈ 66 MPa for Alt-NL, 62 MPa for All-NL-S, and 68 MPa for the

nanofilm. They are all close to the flow stress to move the edge dislocation in a Nb single

crystal (66 MPa), consistent with the theory. The finding that the τHP describes well

MD strength-L data is reasonable. Hall-Petch relation is an empirical model and the

explanations, such as the pile ups of dislocations, came later. Thus, Hall-Petch relation

can also apply to the situations without pile ups. Similarly, [90] demonstrated that the

Hall-Petch model captured well the size effect on the strength of many nanotwinned and

bimetal nanolaminate systems when L > 5 nm, even though pile ups are not expected
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in such fine nanolayers. They showed that a dislocation density accumulation in the

interfaces could give rise to the 1/
√
L scaling. Also, using a stochastic grain boundary

dislocation emission model rather than a pile up model, [235] were able to predict the

experimentally observed Hall-Petch scaling in the strength of Cu/Nb nanolaminates.

4.4.3 Effect of dislocation distribution

Up to now, the model situation in which the confined dislocations in all layers share

the same glide plane (d = 0 nm) and Burgers vector has been considered. However, it is

statistically more likely that their glide planes would be separated, i.e., d > 0 nm. The

dislocation can glide on any of the parallel planes since they all have similar driving forces.

Which plane dislocation will glide on is envisioned to depend on other factors, such as

the location of the dislocation source in the boundary. Here, the case is considered, in

which dislocations in neighboring layers glide in the slip planes that are not aligned but

separated by a distance d, as shown in Figure 4.1. In these calculations, both M and M
′

layers have the same thickness of L = L′ = 5 nm.

CLS behavior with the same glide direction in the adjacent layers

The CLS motions of like-signed dislocations in the adjacent layers are simulated, but

they are separated by distances d = 2.5 nm or 5 nm. Figure 4.27 shows the stress-strain

response for these two situations compared with the prior case of aligned planes (d = 0

nm). In all cases, the stresses rise along the same path but reach three different peak

plateaus. As the straining proceeds, the stresses remain stable without oscillations. The

effect of d on the resistance to glide is strong, with greater separation leading to a higher

resistance. It can be expected that if d increases further, the flow stress would only

increase to that corresponding to no neighboring dislocation (668 MPa for the Alt-NL
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case).
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Figure 4.27: Shear stress-strain curves in All-NL-S configurations of Nb/Nb nanolam-
inates. Here, the definition of All-NL-S is consistent with that in Figure 4.18 and d
represents the distance the glide planes of the dislocations in the neighboring M and
M

′
layers are separated. The figure is taken with permission from Ref. [221].

Figure 4.28: Snapshots for the edge dislocations gliding in both the M and M
′

layers
in the All-NL-S configurations with d = 5 nm. The blue arrows denote the CLS
directions. The figure is taken with permission from Ref. [221].

Figure 4.19(a–d) and Figure 4.28 show the motion sequence for d = 0 nm and d = 5

nm, respectively. The CLS behavior in these two configurations are similar; namely,

in the same configuration, dislocations in both M and M
′

layers remain nearly straight

and glide smoothly at the same velocity. The separated distance d does not change the

dislocation line morphology for the CLS in All-NL-S configuration. Throughout their

glide process in all configurations, the dislocations in M and M
′

layers remain in their
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original glide planes and their separated spacing d does not get closer or wider. Therefore,

the relative positions between these two dislocations along the x direction is unchanged.

Figure 4.29: The initial atomic structures of interfaces 1 and 2 in the All-NL-S con-
figurations with (a) d = 2.5 nm and (b) d = 5 nm. Definitions of All-NL-S and d are
the same as those in Figure 4.27. The atoms are colored according to their atomic
coordinates along the y axis or the shear stress component τxz. Interfaces 1 and 2 are
shown in Figure 4.1, while ‘⊥’ denotes the edge dislocation. The figure is taken with
permission from Ref. [221].

The interaction between these like-signed dislocations changes the resistance provided

by the interface. To understand the effect of d, the initial atomic structures of interfaces

1 and 2 for d = 2.5 nm and d = 5 nm are analyzed in Figure 4.29. Unlike when the

dislocations glide on the same plane, d = 0 nm in Figure 4.20(b), both interfaces contain

3 Å tall ledges at the interface/dislocation junctions when d > 0 nm. The extent of

the ledges increases as d increases, which can be explained by Figure 4.21(b). As shown

in Figure 4.21(b), the inserted edge dislocations BC and DA with d > 0 nm generate

the misfit edge dislocations AB and CD at the interfaces, whose line lengths are equal

to d and positively associated with the ledge area. The increasing ledge area heightens

the energy barrier for the CLS, which translates to the higher plateau stress. From

the corresponding τxz stress distributions in Figure 4.29, like the d = 0 nm case, the

τxz distributions are nearly equal at both interface/dislocation junctions, giving rise to
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equal resistance on both sides. This explains the synchronous CLS motion among the

dislocations.

CLS behavior with the opposite glide directions in the adjacent layers

Next, the CLS motions of opposite-signed dislocations in the adjacent layers are

simulated and they are also separated by distances d = 0 nm, 2.5 nm, or 5 nm. The

stress-strain responses for these three situations are compared in Figure 4.30(a).

Figure 4.30: (a) Shear stress-strain curves in All-NL-O configurations of Nb/Nb
nanolaminates with L = 5 nm and (b) displacement-time curves for the confined
dislocations in their M layers. The definition of d is the same as that in Figure 4.27
and All-NL-O refers to dislocations in the M and M

′
layers with opposite Burgers

vectors. The figure is taken with permission from Ref. [221].

In All-NL-O configurations, the dislocations in M and M
′

layers are oppositely signed

and hence glide in the opposite directions under shear loading, as demonstrated in the

snapshots for dislocation glide in the All-NL-O configurations with d = 0 nm and d = 5

nm, in Figure 4.31(a–d) and (e–h), respectively. For d = 0 nm, the dislocations in M

and M
′

layers do not shift away from each other during relaxation (Figure 4.31(a)). By

contrast, the nonzero d results in the shift of these two dislocations away from each

other after relaxation and before loading (Figure 4.31(e)). To gain more insight, the
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stress-strain curves of All-NL-O configurations are shown.

Figure 4.31: Snapshots for the edge dislocations gliding in the M and M
′

layers of
the All-NL-O configurations with (a–d) d = 0 nm and (e–h) d = 5 nm. Definitions
of All-NL-O and d are the same as those in Figure 4.30. The blue arrows denote the
CLS directions. The figure is taken with permission from Ref. [221].

Different from the shear stress-strain curves of All-NL-S configurations, the stress

does not plateau but exhbits periodic stress oscillations in the curves of All-NL-O config-

urations, as displayed in Figure 4.30(a). Among all these curves, d = 0 nm corresponds

to the lowest peak stress (510.2 MPa), while d = 2.5 nm and d = 5 nm lead to higher

peak stresses, i.e., 641.2 MPa and 585.4 MPa, respectively. Compared to the All-NL-S

configurations (Figure 4.27), the stresses in the All-NL-O configurations are higher, which

can be a consequence of the larger ledges generated at the interfaces. The two bounding

ledges are also unequal in shape. Unlike the cases in the All-NL-S configurations, the

largest separated spacing d in the All-NL-O configurations does not lead to the highest

peak stress. Instead, the amplitude of the stress fluctuations in these curves decreases

from 317 MPa to 157 MPa and finally to 87 MPa, with d increasing from 0 to 2.5 nm
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and then 5 nm, respectively. Similar to All-NL-S configuration, it is also expected that

when d increases to a large enough value, the stress fluctuation in All-NL-O configuration

will diminish and the stress-strain response will behave in a similar way to that of the

Alt-NL case. Corresponding to the stress fluctuations, the CLS motions in All-NL-O

configurations are jerky.

Figure 4.32: The initial atomic structures of interfaces 1 and 2 in All-NL-O config-
urations with (a) d = 0 nm, (b) d = 2.5 nm, and (c) d = 5 nm. The atoms are
colored according to theirs atomic coordinates along the y axis and the shear stress
component τxz. Definitions of All-NL-O and d are the same as those in Figure 4.30.
Interfaces 1 and 2 are shown Figure 4.1, while ‘⊥’ and ‘>’ denote the edge dislocations
with opposite Burgers vectors. The figure is taken with permission from Ref. [221].

The displacement-time curves for the dislocations in the M layers of various All-NL-O

configurations are further presented in Figure 4.30(b). All the curves contain periodic

plateaus and rises, a signature of repeated pinning and depinning dislocation motion.

The plateaus and rises in the displacement-time curves correspond to the stress rises and

drops in the stress-strain curve, respectively. Among all three All-NL-O configurations,

the CLS for d = 0 nm moves the fastest with the longest rising period in the displacement-

time curve, followed by those for d = 2.5 nm and d = 5 nm. This order is consistent
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with the descending order of the oscillation amplitudes in the stress-strain curves among

these three All-NL-O configurations. This suggests that the smaller d leads to the larger

stress oscillations and faster CLS.

As a possible explanation for the effect d has on the stress-strain curves and the CLS

activities in All-NL-O configurations, the two interface/dislocation junctions are shown.

For d = 0 nm in Figure 4.32(a), the ledge areas at these sites are nearly anti-symmetric

with respect to the x axis. However, for d = 2.5 nm and d = 5 nm, the ledge areas

are asymmetric at these two interfaces. Consequently, the stress fields at these sites are

anti-symmetric for d = 0 nm and asymmetric for d = 2.5 nm and d = 5 nm. The ledge

areas and stress fields at the interfaces are able to be explained by Figure 4.21(c), where

the inserted edge dislocations BC and FE in All-NL-O configuration create the misfit

edge dislocations AB, CD, EG and HF at the interfaces. When the confined dislocations

BC and FE move, denoted respectively by B
′
C

′
and F

′
E

′
, they drag four misfit screw

dislocations, i.e., BB
′
, EE

′
, CC

′
and FF

′
. By contrast, the misfit edge dislocations (i.e.,

AB, CD, EG and HF) remain stationary during loading. Before loading, each of the

above misfit edge dislocations creates one ledge at the interface, respectively. Due to the

anti-symmetric stress distribution for d = 0 nm, the dislocations in the M and M
′

layers

remain in their initial position even after thermostat, i.e., at 0 ps in Figure 4.31(a). For

d = 2.5 nm and d = 5 nm, however, the asymmetric stress distribution together with

thermostat shifts the dislocations in M and M
′

layers along the opposite x directions,

respectively. Figure 4.31(e) shows an example with d = 5 nm at 0 ps.

4.5 Discussion

In this chapter, many substantial effects of the atomic structure of the interface on

dislocation glide are revealed. Simulations of CLS on planes identical in crystallography
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but distinct in relationship with nearby interface defects suggests that dislocation glide

in a nanolaminate will be heterogeneous. Non-uniformity can occur among the layers,

with glide in Cu favored over Nb, and within the same layer, for which there is a strong

preference for glide on planes that do not intersect with the interface along the lines of

misfit dislocations.

In particular, protruding misfit dislocations that dissociate and extend from the in-

terface into the layer on glide planes directly obstruct dislocation motion, forcing the

dislocation to overcome it first before proceeding with CLS. In the present study, the

misfit extension is a consequence of the low ISF energy of Cu. The implication is that

materials with higher ISF energy, such as Al [236], will likely not experience this behavior

or vice versa, materials with lower ISF energy, such as Ag [237, 238], Au [239, 223], or

FCC multi-principal element alloys [240, 241, 242], can expect local CLS obstruction.

In addition to differences in the critical stress to initiate glide, the hardening behavior

as the dislocation glides is also affected. The stress-strain responses for CLS in the layers

of the Cu/Nb nanolaminates are irregular, either highly fluctuating or featuring periods of

sharp rises in stress followed by rapid drops. It is shown, however, that the jerky manner

in which the dislocation moves is not necessarily a consequence of the interface (e.g.,

dislocation gliding in the Nb layer in Cu/Nb nanolaminate), as the same jerky motion

also occurs in the single crystal (e.g., SC-Nb). Yet still, the severity of the stick-slip

behavior is enhanced by free surfaces and misfit dislocations in the incoherent interface.

The severest irregularity occurs for the Cu/Cu SITB, which is not only the most dense

with misfit dislocations but the misfits change sign every lattice plane. The resulting

motion is slightly oscillatory and resistance to glide does not increase with straining, but

softens. The only exception studied here is provided by the coherent interface in Nb, in

which first activation of dislocation CLS is the easiest, but the glide resistance increases

monotonically as the dislocation moves, until a stress plateau is reached. The coherent
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interface in Nb exhibits the greatest hardening.

Differences in hardening point to need to examine the changes in the dislocation core

that is deposited in the boundaries and interfaces as CLS proceeds. Prior atomistic and

analytical studies have shown that the changes defects and dislocations experience once

they are absorbed into the interface depend sensitively on the chemistry and structure

of the interface [55, 243, 244, 205, 225, 71, 72]. Surfaces that attract and remove defects

deposited from CLS would produce less hardening in CLS than interfaces that diffuse

deposited dislocations and even less than coherent interfaces that have little dislocations

left in them.

In addition, the simulation results on CLS in Nb/Nb nanolaminates and Nb nanofilm

show that the stress to maintain CLS increases as L decreases, a trend that is anticipated

by many analytical models that have come before. Questions on the role of the interface

in CLS and whether its contribution produces another dependence on L, however, arise.

At least for the two types of defect-free interfaces studied here, a free surface and coher-

ent twin boundary, it is found that the interface resistance can be approximated as an

additional contribution that is constant and independent of L. The level of resistance

appears to scale with the interface energy. CLS is shown to be harder in the nanofilm

than the nanotwinned material, corresponding to the fact that the Nb free surface has

an order of magnitude higher energy than the twinned boundary. This resistance may,

in fact, be an interface stress, related to changing the interface energy with strain, as

proposed previously, Misra et al. [89], but not necessarily scaling inversely with L.

Apart from the interface, it is observed that CLS in the neighboring layers also in-

fluence CLS motion. When CLS is not isolated but the dislocations glide via CLS in

concert in every layer the flow stress is substantially reduced. This hints towards the

possibility of improving the strength and plasticity of nanolaminate by not only reducing

the layer thickness, but tailoring different densities among neighboring layers. Further,
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a larger separated spacing between the dislocation glide planes in the neighboring lay-

ers means more uniform dislocation distribution in nanolaminate, corresponding to a

relatively higher strength. Thus, it appears that a good strategy to fabricate stronger

nanolaminates would involve homogenizing the dislocations in the neighboring layers.

When studying the effects of layer thickness and dislocation distribution, the CLS

between CTBs in a nanotwinned Nb nanolaminate are considered, where the original

interfacial dislocations are absent. However, interfaces in more common nanolaminates

have original interfacial dislocations, such as semi-coherent in Cu/Ag or Cu/Ni systems

[245], or incoherent interfaces in Cu/Nb [246, 247] or Zr/Nb systems [248]. Investigat-

ing the effects of layer thickness and dislocation distribution on the CLS between these

semi-coherent or incoherent interfaces in homophase or biphase nanolaminates is recom-

mended for future work. Nevertheless, the present study demonstrates that the layer

thickness and dislocation distribution in the nanolaminate play important roles in dis-

location motion. The insight gained in these dynamic studies can serve as a basis to

developing nanolaminate strength theories.

4.6 Summary

In this chapter, atomistic simulations are performed to investigate confined layer

slip (CLS) with respect to the effects of interface morphology in examples of Cu/Cu,

Nb/Nb, and Cu/Nb nanolaminates and with respect to the effects of layer thickness and

dislocation distribution in Nb/Nb nanolaminate. The main conclusions are as follows:

• Compared to the coherent interface, the CLS of dislocations can be more signifi-

cantly obstructed by the misfit dislocations within the incoherent interfaces. Upon

application of the strain, it moves onto the neighboring plane to overcome the ex-

tended misfit, an action that requires on average two to ten times more stress than
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any other glide plane in the layer.

• Layer thickness affects dislocation motion. For layer thicknesses finer than 40 nm in

Nb/Nb na olaminate, CLS is smooth and the dislocation line is nearly straight. For

layer thicknesses larger than 40 nm, CLS becomes staggered described by successive

pinning and depinning at the two ends of the dislocation and the dislocation line

bows out.

• CLS between free surfaces in a Nb nanofilm is initially jerky, due to the alternate

pinning and depinning of the line ends, and then becomes smooth after the dislo-

cation line adjusts itself to a stable morphology. Unlike CLS between CTBs, this

behavior occurs regardless of the nanolayer thickness.

• The relations calculated from simulation between the critical stress for CLS and

nanolayer thickness for the Nb/Nb nanolaminate and Nb nanofilm follow the ln(L)/L

scaling law with an additional L-independent resistance. The resistance appears to

be positively related to the interface energy.

• Distinct from the classic CLS picture, the motion of a fully threaded dislocation in

the Nb/Nb nanolaminate was simulated. For the full range of nanolayer thicknesses,

CLS is smooth and the dislocation line remains straight. Compared to CLS without

concurrent CLS in the neighboring layers, the dependence of the critical stress on

nanolayer thickness is substantially reduced. The flow stress associated with the

completely threaded dislocation, that is with the simultaneous CLS in all layers

sharing the same glide plane, is lower than that of the Nb nanofilm.

• In the case of simultaneous CLS in all layers along the same direction but on

different parallel planes, it is found that the critical stress for CLS and hence
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flow stress increases as the spacing between their glide planes increases in Nb/Nb

nanolaminate.

• If the sign of the dislocations in the neighboring layers is opposite in Nb/Nb

nanolaminate, CLS motion of every dislocation becomes jerky. The stress-strain

response oscillates rather than saturating at a plateau stress and the amplitude of

the fluctuations are inversely proportional to their glide plane spacing.

According to the above findings, a larger separated spacing between the dislocation

glide planes in the neighboring layers of nanolaminates results in a higher strength,

suggesting that a good strategy to produce stronger nanolaminates is to homogenize the

distribution of CLS in the neighboring layers. This can be realized by multi-axial and

uniform pre-loading at low strain rate.
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Chapter 5

A novel bypass mechanism for an

edge dislocation through a helium

bubble

5.1 Introduction

Chapter 1.2.3 introduces how He bubbles are generated in the irradiated metals and

the mechanical performance of the irradiated metals with He bubbles. It is prevalent that

He bubbles strengthen the metals by interacting with the gliding dislocations. In the lab-

oratory, direct He implantation has been applied widely to investigate the strengthening

or hardening effect of He bubbles in face-centered cubic (FCC) [249, 104, 106, 250, 103]

and body-centered cubic (BCC) [251] metals. From analyses of transmission electron

microscopy images of dislocation-bubble interactions, it is possible to observe where the

dislocations are located before they contact the He bubbles, when they are stopped by

the He bubbles, or after they bypass He bubbles [252, 253]. However, it is still challenging

to identify the mechanism the dislocation uses to bypass and the energies required to do
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so.

In light of this, molecular dynamics (MD) simulations have been utilized widely to

study the interactions between a single edge dislocation and a void [254, 255, 256, 257,

258, 259, 260, 261, 262, 263, 264] or He bubble [265, 266, 267, 268, 269, 270, 271, 106].

In simulation for dislocation-void interaction, two types of bypass mechanisms have been

observed, either void cutting by the dislocation [254, 255, 259, 261] or climb of the

dislocation to another parallel plane lying either above or below the equatorial plane

of the void [272, 256, 257, 258, 262]. Dislocation climb requires vacancy diffusion to or

from the dislocation core, and therefore, is promoted at elevated temperatures [273]. In

BCC metals, in which the dislocation core tends to be compact, climb is the main bypass

mechanism [272, 256, 257, 262], which is a single-step process, and can occur even at

room temperature [272, 256, 257]. Void cutting only exists in a few cases with small voids

whose diameters are not larger than 1.2 nm [258]. In FCC metals, however, in which the

dislocation cores in equilibrium tend to be extended, climb requires the dislocation core to

first constrict to a metastable state before climbing to another parallel glide plane [274].

As the first constriction step and the subsequent formation of jogs in the dislocation can

be energetically unfavorable, particularly when the intrinsic stacking fault energy (ISFE)

for the FCC metal is low (≈ 40 mJ/m2 or less), void cutting is often favored over climb

at room temperature [254, 259]. Even when, in the MD model, the ISFE in FCC Cu

is artificially increased by five times to 186.5 mJ/m2 [275], dislocation climb still only

becomes favorable over dislocation cutting of the void at a high temperature of 700 K.

Most studies of dislocation-He bubble interactions focus on BCC Fe [265, 266, 267,

268, 269, 270, 271], in which dislocation climb is the only bypass maneuver that requires

a lower or higher critical bypass stress than that of dislocation-void interaction [265, 268,

270], depending on the temperature and the ratio of He atoms to vacancies (He/V ratio)

in the bubble. Especially when the He/V ratio in the bubble is high (2 or greater) at
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300 K [270], the critical bypass stress reduces to 1/2–2/3 of that for voids or low He/V

ratio bubbles (smaller than 1). An edge dislocation interacting with a He bubble in BCC

metals gives rise to dislocation climb, creating a pair of unit jogs or superjogs. Generally,

large bubble size or high He/V ratio leads to a superjog pair. The superjogged dislocation

line involves greater distances climbed than a unit jog, enabling it to cut through the

periphery of the bubble rather than its equatorial plane.

The interaction mechanism between edge dislocations and He bubbles in FCC metals

has received far less attention. Unlike dislocations in BCC metals, edge dislocations

in FCC metals dissociate into two partial dislocations separated by a stacking fault

(SF) [273]. To date, only Ding et al. [106] performed MD simulations on dislocation-

bubble interaction in FCC Cu at 300 K and concluded that edge dislocation cuts through

He bubble and does not climb, which is similar to its response with a void [254, 259].

Questions regarding the effect of bubble pressure on the interaction between a dislocation

and a He bubble still remain for FCC metals. The He/V ratio in the bubble determines

the compressibility and pressure of the bubble [276, 277], which may alter the mechanism

and stress required for a dislocation to bypass it.

In this chapter, MD simulations are employed to investigate the interactions between

an edge dislocation and He bubbles. Using atomistic simulations for a model Cu material,

It is found that when the He-vacancy ratio becomes sufficiently large and the ratio of

the bubble spacing to the diameter is reduced below a threshold, an extended edge

dislocation engages in a multi-step-bypass (MSB) maneuver to change its glide plane and

overcome the bubble at room temperature. This unanticipated MSB mechanism provides

a more energetically favorable pathway compared to conventional bypass mechanisms

under these severe conditions.
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5.2 Assessment of the MD parameters

In the prior MD simulations, researchers utilized various model settings, choices usu-

ally driven by technical development or particular research goals. For example, simulation

cell size is one of the important factors. Due to the rapid improvements in the compu-

tational capacity, the size effect on dislocation dynamics has been frequently examined

[278, 279]. Other model settings, including loading mode, boundary condition (BC), and

thermostat, can also greatly differ among MD studies. To drive dislocation motion, for

example, there are two main loading modes, differing in whether the applied strain rate

or the applied stress is kept constant [218, 1]. The former mode has been used primar-

ily to study dislocation-obstacle interactions [280, 281, 270], while the latter is adopted

to measure dislocation mobility [189, 279, 215]. For shear loading with constant applied

strain rate, four BCs were mainly employed, i.e., rigid, linear-rigid, semi-rigid and flexible

BCs [218, 217, 1]. For shear loading with constant applied stress, the super-particle-rigid

BC is usually applied [218, 1]. Besides the loading mode and BC, another important

parameter choice is whether or not a thermostat is applied and if so, which type. Cho

et al. [215] and Dang et al. [216] considered that any thermostat may introduce artifact

frictional forces to atoms in the dislocation core region, and hence interfere dislocation

dynamics. However, a thermostat is still widely used in the literature [279, 282]. Like

the first two factors (interatomic potential and simulation cell size), these three model

settings could affect predictions on dislocation dynamics and dislocation-void interac-

tions. For example, Rodney [217] found that the stress peak-to-peak amplitudes for a

dislocation gliding in a lattice are 300 MPa and 100 MPa when the non-flexible and the

flexible BCs, respectively, are used. To the best of my knowledge, the effects of these

model settings have yet to be systematically quantified. In order to determine the suit-

able model settings for the following simulations involving dislocation interaction with
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He bubble or void, a comparative study about the MD simulations of dynamics of an

edge dislocation and its interaction with a void in Cu is conducted.

5.2.1 MD simulation details for the comparative study

Figure 5.1: Schematic of the MD simulation cell. The whole cell is divided into A, B1,
B2, C1, and C2 blocks, where different ensembles may be applied. Meanwhile, BCs
are imposed in C1 and C2. ‘⊥’ denotes the dissociated edge dislocation, while a void
with 2 nm in diameter is on its right. For shear loading with constant applied strain
rate, a velocity along the positive x direction is applied to C1, while C2 is usually
fixed. For shear loading with constant applied stress, two equal but opposite forces
along the x direction are superimposed in atoms in C1 and C2, respectively. The
figure is taken with permission from Ref. [231].

Large-scale Atomic/Molecular Massively Parallel Simulator (LAMMPS) [123] is uti-

lized in the MD simulations. To describe the atomic interactions in Cu, the embedded-

atom method (EAM) potential proposed by Mishin et al. [198] is chosen, which has been

widely applied in MD simulations of dislocations and stacking fault formation in copper

[200, 283, 284, 201, 282, 202, 203].

The schematic in Figure 5.1 presents the model setup for simulating dislocation mo-

bility and dislocation-void interactions. The [110], [112] and [111] crystallographic direc-
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tions in a FCC Cu single crystal (SC) are parallel to the x-, y- and z-axes, respectively.

Periodic boundary conditions (PBCs) are imposed along the x- and y-axes, while non-

periodic BCs are present along the z-axis. Following Refs. [218, 1], an edge dislocation is

inserted by joining two half crystals on the (111) plane, with the top half crystal having

two more [110] atomic planes than the bottom one. To minimize the system energy, the

conjugate gradient algorithm is applied, causing the dislocation to dissociate. Minimiza-

tion iterations are terminated when one of the following criteria is satisfied [212, 213]:

(1) the energy change between successive iterations divided by the energy magnitude is

less than or equal to 10−12 or (2) the length of the global force vector for all atoms is less

than or equal to 10−12 eV/Å.

Next dynamic relaxation is conducted. First, all atoms are randomly assigned veloc-

ities, which follow a Gaussian distribution to produce an initial temperature T . Unless

stated otherwise, T = 1 K. In select cases, T = 300 K. In view of the thermal expansion

at finite temperature, an NPT ensemble is applied to the whole cell. Since the NPT

ensemble cannot be utilized with non-periodic BC, the BC along the z-axis is made pe-

riodic until relaxation has completed. Then, two vacuum regions are created above the

top surface and below the bottom surface, respectively. It should be noted the vacuum

regions are used only in the relaxation step, and not in energy minimization or subse-

quent dynamic shear loading. For the dislocation-void interaction simulations, a void

with its diameter of 2 nm is additionally carved on the right of the edge dislocation just

after the energy minimization. In all dynamic simulations, either dynamic relaxation or

subsequent dynamic shear loading, the timestep size is 1 fs.

After achieving the equilibrium atomic configuration via dynamic relaxation, the two

vacuum regions are removed and the BC along the z direction is changed back to non-

periodic. In preparation for the subsequent dynamic shear loading, the entire simulation

cell is divided into five regions, i.e., A, B1, B2, C1 and C2, as illustrated in Figure 5.1.
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Different BCs may be applied to C1 and C2, while different thermostats may be used

in A, B1, and B2. The thicknesses of C1 and C2 along the z direction are the same

and denoted as LC. Similarly, the thicknesses of B1 and B2 are equal and referred to

as LB. Note that LC should exceed the cutoff distance of the interatomic potential, i.e.,

5.5 Å in the current work, to ensure that atoms in A, B1, and B2 are not affected by the

non-periodic BCs [237, 264]. Hence, each of the C1 and C2 regions includes four layers

of atoms. The ratio of the thickness of region A to that of the entire cell, i.e., LA/Lz, is

about 0.6, and the remaining thickness equals 2LB, where Lx, Ly, and Lz, are the edge

lengths along the x-, y-, and z-axes, respectively.

Table 5.1: Atomic velocity, force, and relaxation for atoms in regions C1 and C2 in
different BCs. z = 0 is set at the bottom of the simulation cell along the z direction.
Unless stated otherwise, the atomic velocity and force are uniform to all atoms in the
specific region. ‘null’ is used to represent no control over velocities or forces along
that direction. The table is taken with permission from Ref. [231].

BC Direction
Velocity Velocity Force Relaxation

(C1) (C2) (C1 & C2) (C1 & C2)

Rigid
x vAx 0 0 No
y 0 0 0 No
z 0 0 0 No

Linear-rigid
x vAx z/Lz 0 0 No
y 0 0 0 No
z 0 0 0 No

Semi-rigid
x vAx 0 0 No
y null null null Yes
z null null null Yes

Flexible
x average vAx average 0 total 0 Yes
y null null null Yes
z null null null Yes

Super-particle
x vPx + vTx vPx + vTx fP

x + fA
x Yes

y vPy + vTy vPy + vTy fP
y Yes

z vPz + vTz vPz + vTz fP
z Yes

In what follows, the temperature-related, the interatomic potential-induced, and the
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applied atomic velocities will be designated as vT, vP, and vA, respectively. Also the

interatomic potential-induced and the applied atomic forces are denoted as fP and fA,

respectively. As such, the atomic velocities v = vT + vP + vA, and the atomic forces

f = fP+fA. Two loading modes are considered: constant applied strain rate and constant

applied stress. For the constant applied strain rate mode, four BCs, namely, rigid, linear-

rigid, semi-rigid and flexible BCs are applied to C1 and C2, as summarized in Table 5.1.

In the rigid BC [254], v and f of atoms in C1 and C2 are first zeroed, and then a constant

velocity along the positive x direction, vAx , is applied to C1. Consequently, a constant

applied strain rate γ̇ = vAx /(Lz − 2LC) is achieved. The linear-rigid BC [218, 217] is

similar to the rigid BC, except that the velocity in the C1 region varies linearly along

the z direction. In this BC, the applied velocity of the top-most atomic layer in C1 is

vAx , while the applied atomic velocity decreases linearly with distance from vAx in the

top-most layer to vAx (Lz − LC)/Lz in the bottom-most atomic layer in C1. Compared

with the rigid BC, the semi-rigid BC [230] only zeroes vx and fx in C1 and C2, such that

the atoms therein are free to move along the y and z directions.

In the foregoing three BCs, the interatomic distances within the same xy layer in C1

or C2 are unchanged along all directions (rigid BC and linear-rigid BC) or along the x

direction (semi-rigid BC). To allow for changes in the interatomic distances in C1 and

C2 (and hence relaxation of the atoms within), Rodney [217] proposed the flexible BC.

In this BC, the average velocities along the x direction of all atoms in C1 and C2 are first

calculated, as vC1
x and vC2

x , respectively. Then two opposite-signed velocities, −vC1
x and

−vC2
x , are uniformly added to all atoms in the two regions, respectively. Similarly, the

total forces along the x direction of all atoms in C1 and C2 are calculated, as fC1
x and

fC2
x , respectively. Then two opposite-signed forces, −fC1

x and −fC2
x , are uniformly added

to all atoms in the two regions, respectively. In this way, the average atomic velocities

and total atomic forces along the x direction in C1 and C2 become zero. It follows then
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that a constant velocity along the positive x direction, vAx , is applied to C1. Similar

to the semi-rigid BC, atomic velocities and forces along the y and z directions are not

constrained. It is necessary to put these BCs together and then compare them, which

may constitute a useful reference to researchers in the field.

For the constant applied stress loading mode, only the super-particle BC [218, 1] is

imposed, to the best of my knowledge. Here, C1 and C2 are regarded as two super parti-

cles and their equations of motion are coupled with those of the atoms in other regions.

This means that at each time step, the total force on each super particle is computed

as the sum of the forces on its constituent atoms. The coordinates and velocities of the

atoms in each super particle are then updated so that each of C1 and C2 moves as a

single entity. This is implemented by creating internal data structures for each super

particle and performing inherent NVE time integration on these data structures. Mean-

while, positions and velocities of the constituent atoms are regenerated from the data

structure in every time step and their comprehensive embodiment is the motion of super

particle. In this way, each atom in each of the super particle has equal velocity and force.

To exert a constant applied stress, two constant, but different, forces, fA
x , are imposed

to each atom in region C1 and region C2, respectively. For C1, fA
x = fA

C1 and is along

the positive x direction; for C2, fA
x = fA

C2 and is along the negative x direction. The

resultant applied stress is then NC1f
A
C1/(LxLy), which equals NC2f

A
C2/(LxLy), where NC1

and NC2 are the total numbers of atoms in C1 and C2, respectively.

Besides loading mode and BCs, another important model setting is whether the tem-

perature in a certain region is controlled via a thermostat. If it is, an NVT ensemble

is used; otherwise, an NVE ensemble is used. In regions C1 and C2, atomic motions

are associated with the BC; hence, an NVE ensemble is used there. When an NVT

ensemble is applied to regions A, B1 and B2, it is called a ‘full thermostat’; when an

NVE ensemble is applied to all three regions, it is referred to as a ‘no thermostat’ case.
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Table 5.2: Different modeling parameters used in this comparative study. Settings
1–6 are for the constant applied strain rate loading mode, while settings 7–9 for the
constant applied stress loading mode. When a thermostat is or is not used in a region,
an NVT or an NVE ensemble is used, respectively. In C1 and C2, no thermostat is
used. The table is taken with permission from Ref. [231].

Setting Loading mode BC in C1(C2) Thermostat in B1(B2) Thermostat in A

1

Constant applied
strain rate

Rigid No No
2 Linear-rigid No No
3 Semi-rigid No No
4 Flexible No No
5 Flexible Yes Yes
6 Flexible Yes No

7
Constant applied

stress

Super-particle No No
8 Super-particle Yes Yes
9 Super-particle Yes No

As an intermediate case, an NVT ensemble can be applied to regions B1 and B2 and

an NVE ensemble to region A. This case is called a ‘partial thermostat’. It should be

noted that ‘partial thermostat’ is a similar to ‘stadium BCs’ proposed and developed

by Holian and Ravelo [285], Zhou et al. [286], Holland and Marder [287], and Qu et al.

[288]. In both techniques, a specific region can be set for thermostat or temperature

control. However, some discrepancies exist between them. Firstly, the stadium BCs can

be applied to absorb energetic wave, while the partial thermostat cannot. Secondly, the

stadium BC is a BC applied on the boundaries of the atomistic simulation cell, while the

partial thermostat is independent of the BC and can be combined with different BCs,

e.g., rigid, linear-rigid, semi-rigid and flexible BCs. As mentioned, the partial thermostat

denotes that thermostat is only applied to a part of the interior region rather than the

cell boundaries. In our simulations, no thermostat is used in the top or bottom layers,

which are related to BCs. In comparison with the ‘full thermostat’, the term ‘partial

thermostat’ is used in this work for better readability and comparison. By combining the

various types of BCs and thermostats for the two loading modes, nine sets of settings in
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Table 5.3: Edge lengths of the simulation cells used in this comparative study. Models
1 and 2 are compared to assess whether the dislocation line length influences dislo-
cation dynamics, while models 1, 3, and 4 are to illustrate the effects of the aspect
ratio Lx/Lz. Models 4–6 have the same aspect ratio, but different values of Lx and
Lz. The table is taken with permission from Ref. [231].

Model Lx (nm) Ly (nm) Lz (nm)

1 64 10 20
2 64 20 20
3 48 10 26.7
4 32 10 40
5 24 10 30
6 50 10 62.5

total are acquired, which are summarized in Table 5.2. Settings 1–6 are for the constant

applied strain rate loading mode, while settings 7–9 are for the constant applied stress

loading mode. Settings 1–4 identically have no thermostat, but different BCs. Settings

4–6 all use flexible BCs, but different thermostats. Settings 7–9 all use the super-particle

BC, but different thermostats.

To study simulation cell size effects, six sets of edge lengths are studied, and these

are listed in Table 5.3. Models 1 and 2 are compared to assess whether the dislocation

line length influences dislocation dynamics, while models 1, 3, and 4 aim to elucidate

the effects of aspect ratio Lx/Lz. Here, the largest aspect ratio is 3.2 and the smallest

is 0.8. Models 4–6 have the same aspect ratio but different values of Lx and Lz, whose

influences will also be analyzed here. Here, it should be noted that Szajewski and Curtin

investigated the spurious image stresses induced by dislocation bow-out around obstacles

in MD simulations and compared the results with those in the multiscale image-free sim-

ulation conducted by the coupled atomistic/discrete dislocation method [289], in which

they found the spurious image stress is minimum when the optimum aspect ratio (0.8)

is applied. Since this is a benchmarking study, the optimum aspect ratio (i.e., 0.8) and

some non-optimum ones are compared in order to provide a complete understanding of
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the aspect ratio effect, namely, how the non-optimum aspect ratios may affect the stress-

strain response of dislocation mobility without dislocation bow-out and dislocation-void

interaction.

In the present simulations, different settings are utilized in these models, so that a

particular series of combinations are obtained. Here, ‘S+number+M+number’ are used

to denote the combinations. For example, ‘S1M1’ refers to the combination of setting 1

and model 1. For dislocation-void interaction, ‘void’ is added to the name, e.g., ‘S1M1-

void’. In addition, the letter ‘e’ is used in the notation of strain rate, e.g., ‘5e6’ represents

5×106 s−1. For the partial thermostat, the stress, e.g., the one in the stress-strain curve,

is calculated by averaging atomic virial stresses in region A. For other thermostats, the

stress is obtained by averaging atomic virial stresses in regions A, B1, and B2. For

different thermostat cases, temperature in temperature-time curve is calculated in the

same region as stress does. Unless stated otherwise, the term ‘stress’ refers to the internal

stress of the simulation cell, instead of the ‘applied stress’ imposed by the surface traction,

e.g., in the constant applied stress loading mode. In what follows, the amplitude of

oscillations is the peak-to-peak amplitude. The average atomic displacements are set

along the x direction in C1 and C2 as DC1
x and DC2

x in the constant applied stress loading

mode, respectively. The corresponding strain is calculated as (DC1
x −DC2

x )/(Lz − 2LC),

and the strain rate is obtained accordingly. To visualize the dislocation, the polyhedral

template matching method [290] implemented in OVITO [125] are used. By tracing the

position of the leading partial dislocation, the dislocation displacement is determined.
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Figure 5.2: Shear stress-strain curves for S1M1, S2M1, S3M1 and S4M1 at a strain
rate of 5× 106 s−1. S1: Rigid boundary condition with no thermostat in B1 (B2) and
A; S2: Linear-rigid boundary condition with no thermostat in B1 (B2) and A; S3:
Semi-rigid boundary condition with no thermostat in B1 (B2) and A; S4: Flexible
boundary condition with no thermostat in B1 (B2) and A. M1: the simulation cell
with 64 nm × 10 nm × 20 nm. The figure is taken with permission from Ref. [231].

5.2.2 Constant applied strain rate loading mode: Effects of the

boundary condition on dynamics of an edge dislocation

First, the effects of BCs on the stress-strain response under the constant applied strain

rate loading mode are studied in Figure 5.2. To this end, four cases are considered:

S1M1, S2M1, S3M1, and S4M1. A strain rate of 5 × 106 s−1 is applied. When the

simulation cell is subject to a simple shear, the dislocation keeps still until the shear stress

reaches a critical level, which is conventionally defined as the Peierls stress [291, 292].

During the dislocation motion, periodic oscillations are observed in stress-strain curves

for all BCs. Specifically, the semi-rigid BC (S3M1) results in an intermediate amplitude

(∼ 100 MPa), while rigid BC (S1M1) and linear-rigid BC (S2M1) are associated with the

largest amplitude (∼ 440 MPa), suggesting that latter two BCs are practically similar.

The development of relatively large periodic stress oscillations, when using non-

flexible BCs, have already been reported in the literature. In Ref. [230], where the
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semi-rigid BC is utilized, the stress oscillations were attributed to the intrinsic inertia in-

volved in fast dislocation motion. Interestingly, Krasnikov and Mayer [293] observed the

oscillations only when the dislocation passes across the periodic BCs, which is contrary

to the current work and to Ref. [230]. Rodney [217] considered that these oscillations

resulted from the mismatch between the displacement profile in C1 (and C2) and the dis-

location motion in the remaining regions. This mismatch yields a configurational force

on the moving dislocation. To balance this force, while maintaining the dislocation mo-

tion at a constant speed, the internal stress needs to vary periodically with dislocation

position.

The large stress oscillations are not physical and so should be minimized. Among

the four BCs, the flexible BC has negligible stress amplitude (∼ 6 MPa). In addition,

its period of stress oscillations is much shorter and the serrations correspond to the

overcoming of the periodic Peierls barrier by the dislocation. Indeed, the flexible BC

allows for atomic relaxation in C1 and C2 along all three directions, significantly reducing

the mismatch between the motion of the surface region and the motion of dislocation.

To assess the effects of strain rate in conjunction with the BC, two higher strain rates

are used in S1M1, S3M1, and S4M1. As shown in Figure 5.3, at 5×107 s−1, the rigid BC

(S1M1) and flexible BC (S4M1) still possess the largest and smallest stress oscillation

amplitudes, respectively. However, at a higher strain rate of 5× 108 s−1, the differences

among BCs almost disappear. This outcome suggests that the choice of BC plays a more

important role at lower strain rates. Tang [230] postulated that at high strain rates, the

material deforms at rates that are too high for the dislocation motion to accommodate,

characterized by an increasing stress rather than an oscillating one. Consequently, the

influence of BCs can be overshadowed by that of the strain rate.

Further, to investigate the effect of simulation cell size, models 1–6 with the semi-

rigid BC, i.e., from models S3M1 to S3M6 are compared. The results are displayed in
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Figure 5.3: Shear stress-strain curves for S1M1, S3M1, and S4M1 at strain rates of
(a) 5×107 s−1 and (b) 5×108 s−1. S1: Rigid boundary condition with no thermostat
in B1 (B2) and A; S3: Semi-rigid boundary condition with no thermostat in B1 (B2)
and A; S4: Flexible boundary condition with no thermostat in B1 (B2) and A. M1:
the simulation cell with 64 nm × 10 nm × 20 nm. The figure is taken with permission
from Ref. [231].

Figure 5.4(a). Compared with S3M1, S3M2 has twice the dislocation line length. How-

ever, the stress-strain curves of S3M1 and S3M2 coincide, suggesting that the dislocation

line length does not determine the macroscale stress fluctuations. Models S3M1, S3M3,

and S3M4 have the same volume but different aspect ratios Lx/Lz. Models 4–6 have

the same aspect ratio but different values of Lx and Lz. Results show that a smaller

aspect ratio leads to a lower stress oscillation amplitude, while the values of Lx and Lz

do not significantly affect the amplitude, as long as the ratio Lx/Lz remains the same.

There is also an amplitude convergence in the Models 4–6 with the same optimal aspect

ratio Lx/Lz = 0.8 and different Lx (or Lz). In addition, the period of stress oscillation

increases with the increase of the aspect ratio. Consistent with these results, Tang [230]

found that doubling Lx, thereby increasing the aspect ratio Lx/Lz, caused the amplitude

and the period of these stress oscillations to increase. Szajewski and Curtin [289] also

pointed out that increasing the system size proportionally while keeping the aspect ratio

constant does not affect the normalized image stress. Even for the non-optimal aspect
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Figure 5.4: Shear stress-strain curves for (a) S3M1-S3M6 and (b) S4M1 and S4M6 at
a strain rate of 5 × 106 s−1. S3: Semi-rigid boundary condition with no thermostat
in B1 (B2) and A; S4: Flexible boundary condition with no thermostat in B1 (B2)
and A. M1-M6 represent the simulation cells with 64 nm × 10 nm × 20 nm, 64 nm ×
20 nm × 20 nm, 48 nm × 10 nm × 26.7 nm, 32 nm × 10 nm × 40 nm, 24 nm × 10
nm × 30 nm and 50 nm × 10 nm × 62.5 nm, respectively. The figure is taken with
permission from Ref. [231].

ratio, convergence still exists with increasing sizes, but to the incorrect value of shear

stress.

For the semi-rigid BC, models S3M1 and S3M6 differ the most. It is interesting to

compare these two model sizes using the flexible BCs, i.e., S4M1 and S4M6. Figure 5.4(b)

shows that only a small discrepancy occurs between the two sets when flexible BCs are

used, suggesting the robustness of this BC. In what follows, flexible BCs will be used in

all constant applied strain rate loading mode.

5.2.3 Constant applied strain rate loading mode: Effects of the

thermostat on dynamics of an edge dislocation

Here, using model 6, settings 4–6 are compared to quantify the effects of whether or

not, and which type of thermostat is applied, as shown in Figure 5.5. At a low strain rate

of 5× 106 s−1, there is almost no difference among S4M6, S5M6, and S6M6 in the stress-
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Figure 5.5: (a) Stress-strain, (b) temperature-time, and (c) dislocation displacemen-
t-time curves for S4M6, S5M6, and S6M6 at the strain rate of 5 × 106 s−1. The
corresponding results for a strain rate of 5 × 107 s−1 are shown in (d), (e), and (f),
respectively. S4: Flexible boundary condition with no thermostat in B1 (B2) and
A; S5: Flexible boundary condition with thermostat in B1 (B2) and A; S6: Flexible
boundary condition with thermostat in B1 (B2) and no thermostat in A. M6: the
simulation cell with 50 nm × 10 nm × 62.5 nm. The figure is taken with permission
from Ref. [231].

strain curve and the dislocation displacement-time curve. The temperature-time curves

differ among the three settings, yet the oscillation amplitude is very small (< 0.004 K),

even in S4M6, which uses no thermostat. At a higher strain rate of 5 × 107 s−1, both

stress-strain curve and dislocation displacement-time curve are still almost the same

among the three settings. The temperature-time curve, however, has a larger oscillation

amplitude (∼ 0.07 K) if no thermostat is applied to region A. Also note that the period

of stress oscillation increases with the strain rate. This finding suggests that applying no

thermostat to region A, which enables a better representation of dislocation dynamics,

does not result in a large increase in the temperature, as long as the strain rate is relatively

low.
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5.2.4 Constant applied stress loading mode: Effects of the ther-

mostat on dynamics of an edge dislocation

Figure 5.6: The evolution of (a) stress, (b) temperature, and (c) dislocation displace-
ment with time for S7M6, S8M6, and S9M6 at a constant applied stress of 150 MPa.
S7: Super-particle boundary condition with no thermostat in B1 (B2) and A; S8:
Super-particle boundary condition with thermostat in B1 (B2) and A; S9: Super-par-
ticle boundary condition with thermostat in B1 (B2) and no thermostat in A. M6: the
simulation cell with 50 nm × 10 nm × 62.5 nm. The figure is taken with permission
from Ref. [231].

As mentioned earlier, when the model uses constant applied stress loading, only the

super-particle-rigid BC is utilized. Here, the effects of the thermostat are studied, by

comparing S7M6, S8M6, and S9M6, at a constant applied stress of 150 MPa. Figure 5.6

presents the results of this comparison. It is found that the calculated stress in the S9M6

simulation converges to the target value, i.e, 150 MPa, much faster than the stress in

the S7M6 and S8M6 simulations. Regarding temperature, it is observed that it increases

near-linearly for S7M6, while the temperature evolution for S8M6 or S9M6 eventually

converges to a stable value. An applied stress of 150 MPa results in an average strain

rate of more than 5 × 108 s−1, which causes rapid temperature rise. This outcome

suggests that it is necessary to apply a thermostat in the constant applied stress loading

mode, due to the related high strain rate. Therefore, to alleviate the artificial friction

on the dislocation, a partial thermostat, i.e., setting 9 as designated in this study, is

recommended in the constant applied stress loading mode. As a final note, at the same
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simulation time, the dislocation displacements are almost the same in the three settings.

5.2.5 Constant applied stress loading mode: Effects of the ap-

plied stress on dynamics of an edge dislocation

Figure 5.7: The evolution of (a) stress, (b) temperature, and (c) dislocation dis-
placement with respect to time for S9M6 at a constant applied stresses of 150 MPa,
300 MPa, and 450 MPa, respectively. S9: Super-particle boundary condition with
thermostat in B1 (B2) and no thermostat in A. M6: the simulation cell with 50 nm
× 10 nm × 62.5 nm. The figure is taken with permission from Ref. [231].

Next, S9M6 is used to study dislocation dynamics at different applied stress levels,

including 150, 300, and 450 MPa. Figure 5.7 compares the time evolution of stress, tem-

perature and dislocation displacement for these levels. As the applied stress increases, (i)

the stress converges to the respective target value faster, (ii) the temperature eventually

reaches a higher stable value, and (iii) the dislocation moves faster. Although the stable

temperature, after controlling, rises with the increase of applied stress, these temperature

rises are small (< 2 K). It is also noted that even at an initial temperature of 300 K, the

temperature increase is no more than 1 K at an applied stress of 150 MPa. All these

cases indicate that setting 9 behaves well for various applied stress.
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Figure 5.8: Shear stress-strain curves for S1M1, S3M1, and S6M1, and their counter-
parts in dislocation-void interaction cases. The solid arrows denote the critical stresses
to break away from the void. S1: Rigid boundary condition with no thermostat in B1
(B2) and A; S3: Semi-rigid boundary condition with no thermostat in B1 (B2) and
A; S6: Flexible boundary condition with thermostat in B1 (B2) and no thermostat in
A. M1: the simulation cell with 64 nm × 10 nm × 20 nm. The figure is taken with
permission from Ref. [231].

5.2.6 Constant applied strain rate loading mode: Dislocation-

void interaction

Similar to the dynamics of a dislocation, two loading modes — with constant applied

strain rate or constant applied stress — can be used in the dislocation-void interactions.

Here, the effects of the BC on the results of the interaction in the constant applied strain

rate mode are studied, using S1M1, S3M1, and S6M1. It is found that the stress-strain

curves coincide with their counterparts in dislocation dynamics until the dislocation

contacts the void. As time progresses in simulation the stress continues to rise until

the dislocation cuts through the void, after which the stress drops rapidly. The critical

stresses for the dislocation to break away from the void are denoted by the solid arrow

in Figure 5.8. It is found that the critical stress depends on the model setting and

increases in the order of S6M1, S3M1, and S1M1, which follows the order of the stress

oscillation amplitude in these three cases. The important result here is that compared
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with the flexible BC, the rigid and semi-rigid BCs may predict a higher critical stress for

dislocation-void interactions.

Figure 5.9: Shear stress-strain curve of S6M6-void at different strain rates and an
initial temperature of (a) 1 K and (b) 300 K. The solid arrows denote the critical
stresses for the dislocation to cut though the void. S6: Flexible boundary condition
with thermostat in B1 (B2) and no thermostat in A. M6: the simulation cell with 50
nm × 10 nm × 62.5 nm. The figure is taken with permission from Ref. [231].

Since different strain rates and temperatures are often applied in dislocation-void

interaction simulations, these two effects are investigated in S6M6, as shown in Figure 5.9.

As in Figure 5.8, the solid arrows are used to point to the critical dislocation bypass

stresses. Except in the case with the highest strain rate of 5 × 108 s−1, all other cases

experience a drop in the stress after the dislocation breaks away from the void. Thus,

the stress increase induced by a high strain rate (e.g., 5 × 108 s−1) dominates both

dislocation dynamics and dislocation-void interaction. Below a critical strain rate (107

s−1), the resulting stress-strain curves have much less fluctuations and the critical stresses

converge at both 1 K and 300 K. In addition, when the strain rate is higher than 107 s−1

and lower than 5×108 s−1, the stress drop, if any, is relatively small after the dislocation

bypasses the void. By contrast, the strain rates less than or equal to 107 s−1 result in a

steep stress drop. Such a rapid drop is align with that in discrete dislocation dynamics

simulations, in which the stress is largely released after the dislocation bypassing the
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obstacles [220]. All these indicate that the strain rate for dislocation-void interaction

should be no greater than 107 s−1 in order to obtain reliable results. This critical strain

rate (107 s−1) is much higher than those in most experimental condition which is an

unavoidable issue for MD simulations due to the small timestep size. Nevertheless, MD

simulations can still uncover important dislocation-mediated mechanisms at the nano-

scale, which would be difficult in experiments.

It should be noted that the strain rate imposed in MD simulations is different from

that in real material. The former has the elastic character and the latter behaves in more

plastic form. In addition, the strain rate in MD simulations involves thermal activation

events, which affect the critical stress to bypass void in our simulations and manifested

by the strain rate dependence to some extent [294]. In addition, low and high strain rates

in MD simulations can introduce inertial effects to different extents, while such an effect

is absent in the real quasistatic experimental conditions. This effect is also confirmed

in MD dislocation simulation with constant applied stress loading [295, 296], in which

different applied stresses induce different strain rates. Given that the strain rate higher

than 107 s−1 is too high to obtain reliable results in dislocation-void interactions and the

strain rate of 106 s−1 is the lower bound in MD due to the limitation of the computational

power, only a narrow strain rate range between 106 s−1 and 107 s−1 can be considered.

To better describe the dislocation-void interaction, the atomic configurations at dif-

ferent loading stages in the case of S6M6-void with the strain rate of 107 s−1 and an initial

temperature of 1 K are shown. Dissociated into leading and trailing partials, the edge

dislocation propagates initially upon shear loading along the slip direction on the glide

plane (Figure 5.10(a)). Then, the leading and trailing partial dislocations are sequentially

pinned by the void, as shown in Figures 5.10(b) and 5.10(c). With an increasing shear

strain, the pinned leading partial dislocation bows out and breaks away from the void

(Figure 5.10(d–e)). Finally, the trailing partial dislocation is also unpinned and then the
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Figure 5.10: Atomic configurations at the shear strains of (a) 0.001350, (b) 0.001800,
(c) 0.002550, (d) 0.005250, (e) 0.006300 and (f) 0.006375 in the case of S6M6-void
with the strain rate of 107 s−1 and an initial temperature of 1 K, respectively. In all
the atomic configurations, body-centered cubic (bcc) atoms, hexagonal close-packed
(hcp) atoms and those with unknown coordination structure are colored by blue, red
and gray, respectively. Note that the void remains at the same location during the
whole bypassing process. S6: Flexible boundary condition with thermostat in B1 (B2)
and no thermostat in A. M6: the simulation cell with 50 nm × 10 nm × 62.5 nm.
The figure is taken with permission from Ref. [231].

entire dislocation bypasses the void (Figure 5.10(f)).

5.2.7 Constant applied stress loading mode: Dislocation-void

interaction

Last, the dislocation-void interactions using the constant applied stress loading mode

is studied at an initial temperature of 1 K. The critical applied stress is determined to

be 70 ± 1 MPa. Although the applied stress is only 70 MPa, in studying the dynamics

of the dislocation, the internal stress for S9M6 oscillates and may exceed 80 MPa. It

takes some time for the internal stress to converge to a stable level, analogous to the

plots in Figure 5.7(a). As shown in Figure 5.11(a), once the dislocation contacts the
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Figure 5.11: (a) Stress-time and (b) strain-time curves for S9M6 and S9M6-void at an
applied stress of 70 MPa and an initial temperature of 1 K. (c) Stress-strain curve for
S9M6-void at a strain rate of 1.15 × 108 s−1 and an initial temperature of 1 K. The
dashed and solid arrows denote the stress at which the dislocation contacts the void
and the critical stress when the dislocation breaks away from the void, respectively.
S9: Super-particle boundary condition with thermostat in B1 (B2) and no thermostat
in A. M6: the simulation cell with 50 nm × 10 nm × 62.5 nm. The figure is taken
with permission from Ref. [231].

void, the stress-time curve of S9M6-void deviates from that of S9M6 and then rises up

to 132 MPa, where the dislocation breaks away from void. On the other hand, the strain

rate drops when the dislocation interacts with the void (Figure 5.11(b)), indicating the

interaction between the dislocation and the void can lower the strain rate in the constant

applied stress loading mode. Before the dislocation contacts the void, the average strain

rate is about 1.15 × 108 s−1. For comparison, the stress-strain curve for S9M6-void in

the constant applied strain rate loading mode with a strain rate of 1.15 × 108 s−1 is

displayed in Figure 5.11(c), in which the critical stress for the dislocation to bypass the

void is found to be 133 MPa. This consistency implies both loading modes can be used

to measure the critical dislocation for dislocation bypass. However, one difference exists

in that the strain rate in the constant applied stress loading mode is associated with the

applied stress and cannot be adjusted freely.
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5.2.8 The assessment results for the comparative study

In this section, large-scale MD simulations are utilized to investigate the effects of

three model parameters — loading mode, BC, and thermostat — on the dynamics of an

edge dislocation and its interaction with a void in Cu. In select cases, the effects of the

temperature, strain rate, and simulation cell size are also analyzed. The suitability of

these parameters is assessed by the amplitude of oscillations in the stress-strain response,

temperature variation with time, dislocation motion, and critical stress for a dislocation to

bypass a void. In most cases, it is found that a shear loading simulation with (i) constant

applied strain rate, (ii) flexible BC, (iii) partial thermostat, and (iv) strain rates lower

than 107 s−1 provides the best combination of modeling parameters. Although these

factors have been individually studied in aforementioned atomistic simulations, it is the

first time, to my best knowledge, to systematically investigate all of them in the context

of the same problem. In addition, some investigations in my work are novel, including

applying flexible boundary condition to dislocation-obstacle interaction and analyzing

the effect of aspect ratio on the stress-strain response of pure dislocation motion without

dislocation bow-out.

5.3 Methodology

Based on the above assessment of the MD parameters in the comparative study, the

MD simulation is further conducted for the interaction of dislocation with He bubble.

The interactions among Cu atoms are also described by the EAM potential proposed

by Mishin et al. [198]. Due to its accurate value for ISFE (44.1 mJ/m2), this Cu-Cu

interaction is widely utilized in the atomistic simulations of dislocation mobility [200, 297]

and dislocation-obstacle interaction [106, 275, 231]. Meanwhile, the two-body potential

by Kashinath et al. [298] is adopted to depict the He-He and He-Cu interactions. For
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this potential, its He-He interaction energy is achieved by integrating the force-distance

curve obtained by density functional theory (DFT) calculations. In addition, the defect

energies for He defects in Cu by this potential are in excellent agreement with DFT

calculations. These potentials have been employed in prior work, involving dislocation-

He bubble interactions in Cu [106].

The MD simulations are also carried out via LAMMPS [123]. The model configuration

for dislocation-bubble/void interaction is displayed in Figure 5.12. The SC Cu is oriented

with its [11̄0], [112̄] and [111] crystallographic orientations aligned with x-, y- and z-axes,

respectively. The x and z dimensions are respectively ∼ 50 and ∼ 62.5 nm. Their ratio,

0.8, is selected to minimize spurious image stresses that can arise during dislocation-

obstacle interaction [289]. To investigate its effect, bubble spacing, the y dimension (L),

is varied from 10 nm to 20 nm with an increment of 1 nm. It is found that L = 10 nm

represents dense implantation or a high density of He bubbles in the Cu matrix. For a

low density of He bubbles, L = 20 nm is chosen, since larger L produces similar results

to that for L = 20 nm.

PBCs are imposed in the x and y directions, while the top and the bottom surfaces

with normal in the z direction are maintained as free surfaces. An edge dislocation

gliding on the central (111) plane of the simulation cell is inserted into the SC Cu with

dislocation line along the y direction and Burgers vector b = (a0/2) 〈110〉 (a0 is the

lattice parameter). This full edge dislocation dissociates into two (a0/6) 〈112〉 partial

dislocations after energy minimization via the conjugate gradient algorithm. Next, a He

bubble is introduced with its center located on the dislocation glide plane and about 20

nm from the right side of the edge dislocation. The diameter of the He bubble is varied

over d = 1, 2, 4, 6 nm. The most commonly occurring bubble size is d ≤ 6 nm in the

implantation experiments of Cu [106, 60].

To construct the He bubble, a void of the same size is first built and then vacancies in
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Figure 5.12: Schematic of the model set up for the MD simulations. The middle region
with no color fill denotes the non-thermostat region, while the red and blue regions
are the boundary and thermostat regions, respectively. The symbol ‘⊥’ represents
the edge dislocation and on its right side on the glide plane lies the center of the He
bubble (or void) with the diameter d. A constant velocity v is imposed in the positive
x direction on the top boundary region, while the bottom boundary region is fixed.

the void are randomly substituted with He atoms, according to the corresponding He/V

ratio R. In this study, the He/V ratio R ranges from R = 0, corresponding to a void,

to 1.6 using increments of 0.1. The range of He/V ratios R ≤ 2 is selected based on

theoretical calculations [299] and the experiments [300]. Based on our calculations, R

larger than 1.6 produces an unstable He bubble in the Cu matrix at 300 K, from which

SFs or dislocations punch out from the bubble surface [266]. The bisection method is

used to determine the critical temperature T at a given R for either dislocation climb or

MSB within an error of ±0.5 K.

Before shear loading, the thermostat relaxation was conducted at the target tempera-

tures (mainly at 300 K), with the NPT ensemble applied. For the NPT ensemble, the BC

along the z direction is changed to PBC by adding vacuum regions above the top surface

and below the bottom surface. This setting is removed when thermostat is completed.

156



A novel bypass mechanism for an edge dislocation through a helium bubble Chapter 5

The details are also displayed in the section “assessment of the MD parameters”. During

shear loading, the system is divided into three regions: the boundary regions, the ther-

mostat regions and the non-thermostat regions, the first two of which are colored in red

and blue in Figure 5.12, respectively. For the boundary regions with thickness ∼ 1 nm,

flexible BCs [217] are utilized, where the average atomic velocities in these regions are

first calculated and additional velocities are added to ensure that the final velocities of

the top and bottom boundary regions reach a constant velocity v and zero, respectively.

The value of v is carefully calculated so that a strain rate of 107 s−1 is achieved. The

thermostat regions with NVT ensemble and the thickness of ∼ 10.5 nm are implemented

above and below the dislocation core to control the simulation temperature and avoid the

influence of artificial friction on dislocation dynamics resulting from direct thermostat

on dislocation. Finally, the NVE ensemble is utilized in the non-thermostat region to

update the atomic positions and velocities. Such a region division have been found in

several previous studies [215, 216, 231].

All visualizations are performed by OVITO [125]. To visualize the dislocation, the

polyhedral template matching method [290] is used. In addition, the dislocation lines

are recognized by the dislocation analysis (DXA) method [169] and various colors indi-

cate different dislocation types. The Burgers vectors of dislocations are denoted using

Thompson’s notation shown in Figure 2.4.

The volume of He bubble is measured by the algorithm called construct surface mesh

[171] implemented in OVITO. The probe sphere radius and the smoothing level are set to

2 and 1, respectively. The variation of the He bubble in volume is recorded by calculating

the ratio of the variation in the current volume to the initial volume. The He bubbles

are visualized using the defect mesh in this algorithm.

To calculate the binding energy of the vacancy and He or Cu atoms, two different

single crystal Cu models are built, with their [100], [010] and [001] crystallographic orien-
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Figure 5.13: Schematic for the calculation of the binding energy of vacancy and Cu/He
atoms. The blue, red and unfilled circles represent Cu, He atoms and vacancy in lattice
sites, respectively.

tations aligned with x-, y- and z-axes, respectively. The dimensions of these two models

are 3.6×3.6×7.2 nm3 and 3.6×3.6×3.6 nm3, respectively. As shown in Figure 5.13, one

Cu atom in the smaller Cu model is removed or substituted by a He atom to create the

Cu model containing one vacancy or one He-vacancy cluster, denoted by Model I and II,

respectively. Two nonadjacent Cu atoms neighboring to the same Cu atom in the larger

Cu model are deleted to generate the Cu model with two separated vacancies bound to

the same Cu atom (Model III). To generate Model IV with the cluster containing one

He atom and two vacancies, two neighboring atoms of the original larger Cu model are

removed and then only one of the vacancies is filled by one He atom. After energy min-

imization, the total energies for all four models are obtained: E1, E2, E3 and E4. The

binding energy for the vacancy and Cu atom is ECuV = 2E1 − E3 = 0.14566 eV, while

that for the vacancy and He atom is EHeV = E1 + E2 − E4 = 0.34209 eV.
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5.4 Results

5.4.1 Shear stress-strain curves

The two important characteristics of a He bubble are its size and He atomic density.

The former is measured by the bubble diameter d, while the latter is quantified by

He/V ratio R, the number ratio of the He atoms in the bubble to the vacancies in the

same bubble. In addition, the bubble spacing L between neighboring bubbles along the

dislocation line also affects the critical stress for the dislocation to bypass the bubbles

[270]. The L is measured by the distance between the bubble centers. Due to PBCs, L is

equal to the y dimension of the atomic model (L), as shown in Figure 5.12. To investigate

the effects of He/V ratio R and the ratio of the bubble spacing L to the bubble diameter

d, the combinations of R = 0, 0.5, 1.0, 1.5, L = 10, 20 nm and d = 1, 2, 4, 6 nm are

considered in our calculations. For reference, the typical range of bubble diameters in

experiments is d ≤ 6 nm [106, 60] and in prior MD simulations, the bubble diameter was

fixed to 5 nm [106].

It is found in simulation that for the cases involving d = 1, 2, 4 nm at 300 K, the

edge dislocation cuts through the bubble directly. This outcome follows conventional

expectations and is similar to the result in Ding et al.’s work [106]. However, when d

further increases to 6 nm, the bypass mechanism depends on the He/V ratio R and any

changes in the mechanism can affect the deformation response. Figure 5.14(a-b) show

the shear stress-strain curves associated with the dislocation-bubble interactions for d =

6 nm and R = 0, 0.5, 1.0 and 1.5 at 300 K. Here, the bubble with R = 0 corresponds

to the void. In all curves, the stress is initially low and non-negative, being close zero,

suggesting the stress to move the dislocation initially is minimal. The position of the

dislocation is still far from the bubble. As the dislocation moves close enough to the

bubble, the dislocation becomes attracted to the bubble and the dislocation accelerates.
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Figure 5.14: Shear stress-strain curves of the interactions between an edge dislocation
and a He bubble with diameter d = 6 nm and different He/V ratios (R = 0.0, 0.5,
1.0 and 1.5) at 300 K for bubble spacing (a) L = 20 nm and (b) L = 10 nm. The
peak stress during the interaction as a function of R at 300 K for (c) L = 20 nm
and (d) L = 10 nm. The insets in (c) and (d) denote the corresponding interaction
morphology. Note that a He bubble with R = 0.0 represents a void.

This is indicated by a slight stress drop to a negative value. A similar drop in shear

stress due to dislocation/bubble attraction is commonly seen in the interactions between

dislocation and bubble [270] or void [266] in Fe. When the dislocation finally meets the

bubble, the dislocation becomes pinned by it and the stress rises. To force the dislocation

to bypass the bubble, the stress needs to increase to a critical value, which corresponds

to the peak stress in the stress-strain curves in Figure 5.14(a-b).
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5.4.2 Dislocation climb at room temperature

For a large void/bubble spacing (L = 20 nm in Figure 5.14(c)), the peak stress during

the interaction rises slightly from 233 to 238 MPa as R increases from 0 to 1.5. Larger

R renders a minor enhancement on the critical bypass stress. When R = 0, 0.5 and

1.0, the edge dislocation cuts the bubble, staying on the same glide plane during the

process. In contrast, when R = 1.5, a portion of dislocation line intersecting the bubble

climbs downward and forms a superjog in the process, before breaking away from the

bubble. The details of the climb process and the related dislocation reactions in the case

of d = 6 nm, R = 1.5 and L = 20 nm are provided in Figure 5.15. To distinguish the

Burgers vectors of each partial dislocation, the conventional classification indicated by

Thompson’s notations [127] is adopted (See Figure 2.4).

Initially, the perfect dislocation (BA) has dissociated into two partials (δA and Bδ)

in Figure 5.15(a). As the crystal is sheared, the dislocation glides on the (111) plane

toward the bubble and becomes pinned. The two partials reorient their line directions,

changing their character, and then constrict to a full screw dislocation. Reorientation of

the dislocation line near a free surface can also be found in the experiments and explained

by elasticity theory [301, 302]. This full screw dislocation then cross slips onto the (111̄)

plane and dissociates into two new Shockley partials (γA and Bγ) (Figure 5.15(b)).

Next, a new Hirth dislocation γδ/BA forms, connecting δA, Bδ, γA and Bγ by the

reactions of Bδ = γA+γδ/BA and δA+γδ/BA = Bγ (Figure 5.15(c)). To depin from

the bubble, γA and Bγ constrict and further cross slip into δA and Bδ on a lower (111)

plane with δA and Bδ connected by another Hirth dislocation δγ/BA. The corresponding

dislocation reactions are γA = Bδ + δγ/BA and Bγ + δγ/BA = δA (Figure 5.15(d)).

In contrast, the former Hirth dislocation γδ/BA (7 Å in length) constricts into a point,

possibly due to thermal vibration and a superjog is formed between the original (111)
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Figure 5.15: Snapshots of the climb process for the case with d = 6 nm, R = 1.5 and
L = 20 nm at 300 K. The silver sphere represents the He bubble. Face-centered cubic
(FCC) atoms belonging to Cu have been removed to better visualize the dislocations.
Hexagonal close-packed (HCP) atoms and those with unknown coordination structure
are colored red and gray, respectively. Dislocation lines are colored according to dislo-
cation type: Full dislocation, blue; Shockley partial dislocation, green; Lomer-Cottrell
dislocation, magenta; and Hirth dislocation, yellow. The names of the Burgers vectors
of the dislocations in the FCC system are indicated by the standard Thompson’s no-
tation [127]. The related dislocation reactions are shown. The Thompson tetrahedron
is also shown in Figure 2.4.

plane and a lower (111) plane. Similar to what happens in Figure 5.15(b), δA and Bδ on

the original (111) plane are recombined into a full screw dislocation BA on the other side

of the bubble. Subsequent shear loading causes the full dislocation BA to dissociate into

Bγ and γA (Figure 5.15(e)). Then, γA further dissociates into Lomer-Cottrell dislocation

γδ and Shockley partial δA on the lower (111) glide plane. Due to PBCs, the two δA

on both sides of the bubble and the same lower (111) glide plane connect each other.

Finally, another Lomer-Cottrell dislocation δγ appears and connects Bδ, δA, Bγ and γA
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(Figure 5.15(f)). The related dislocation reactions for the Lomer-Cottrell dislocation pair

γδ and δγ are Bδ = Bγ + γδ, γδ + δA = γA, Bγ = Bδ + δγ and δγ + γA = δA. This

δγ on the upper (111) plane and its counterpart γδ on the lower (111) plane constitute

a new superjog on the other side of the bubble. With the effect of thermal vibration,

the constricted point on the other side of the bubble in Figure 5.15(e) expands into the

Hirth dislocation γδ/BA again in Figure 5.15(f).

The climb process is accomplished by first dislocation constriction and second by jog

formation, which is the conventional mechanism for climb invoked by a void in BCC Fe

[303] or by vacancies in FCC Cu [274]. However, our observation of the climb of an edge

dislocation in Cu to overcome a He bubble at room temperature has not been reported

before. One previous MD study involved climb of an edge dislocation over a void under

high temperatures and using an artificial potential with ultra-high ISFE [275].

5.4.3 Multi-step bypass at room temperature

Next, dislocation-bubble interactions are considered when the bubble spacing is cut

in half, L = 10 nm. Figure 5.14(d) shows the peak stresses of the stress-strain curves in

these cases for R = 0, 0.5, 1.0 and 1.5. As expected for R = 0, 0.5 and 1.0, the bypass

stresses for L = 10 nm are much higher than those for L = 20 nm. Although for fixed

L = 10 nm, the enhancement with increasing R is slight, from 533 MPa to 546 MPa.

This is characteristic of the cutting mechanism where, just as for L = 20 nm, the edge

dislocation cuts the bubble on its equatorial plane and then glides away, while remaining

on the same glide plane.

When the He/V ratio rises to R = 1.5, the expected trend reverses, marked by a steep

decline in the peak stress to 209 MPa. Unlike when L = 20 nm, raising the He/V ratio

in the bubble (R = 1.5), did not cause the dislocation to bypass the bubble via climb
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with jog pair formation. Instead, the entire dislocation line between neighboring bubbles

moves from the original plane to a lower parallel plane through a series of steps, each

involving either a dissociation or constriction, reactions, and cross slip. Only when it fully

transfers to the lower parallel plane does it release itself from the bubble (Figure 5.14(d)).

During this process, the dislocation does not maintain its edge character but changes its

character constantly. This mechanism of bypass is abnormal. Because it includes a series

of steps, while at the same time involves the complete transfer of a full edge dislocation

from its habit plane to another parallel plane, the entire process is referred to as multi-

step bypass (MSB).

To understand how this abnormal MSB proceeds during the dislocation-bubble in-

teraction, the partial dislocation reactions in each step is analyzed for the case of He/V

ratio R = 1.5, bubble spacing L = 10 nm and bubble diameter d = 6 nm in Figure 5.16.

Before shear loading, the full edge dislocation (BA) has dissociated into its leading and

trailing partial dislocations (δA and Bδ) on the (111) plane. The initial character angles

of both δA and Bδ are 60◦. Upon shear loading, these two partials contact the He bubble

and then are successively pinned (Figure 5.16(a)). The leading partial dislocation δA

further decomposes into another Shockley partial βA on the (11̄1̄) plane and a sessile

Lomer-Cottrell dislocation δβ lying at the line of intersection between the two planes

(Figure 5.16(b)). In this way, non-planar dissociation takes place with the appearance of

a Shockley partial dislocation βA on the (11̄1̄) plane.

Following the dissociation of δA, δβ further dissociates into δC on the (111) plane

and Cβ on the (11̄1̄) plane (Figure 5.16(c)). The δC and Cβ are screw dislocations,

while Bδ and βA are mixed dislocations with the same character angle of 60◦. When the

dissociation of δβ has completed, two intrinsic SFs respectively lie on the (111) and (11̄1̄)

planes, containing four partials (i.e., Bδ, δC, Cβ and βA in Figure 5.16(d)). Hence, the

original full dislocation BA decomposes into two extended full dislocations, i.e., BC on
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Figure 5.16: Snapshots of the multi-step bypass (MSB) process for the case with d =
6 nm, R = 1.5 and L = 10 nm at 300 K. The visualization scheme is the same as that
of Figure 5.15

the (111) plane and CA on the (11̄1̄) plane, and both of their character angles are 30◦.

Under shear loading, the partials Cβ and βA in the extended dislocation CA reorient

their dislocation lines on the bubble surface and their character angles transform to 30◦.

Surface-induced reorientation of a dislocation line at the free surface has been observed

in the experiments on CuAl thin foil [301] and silicon crystals [302]. After these two

partials both reorient, they constrict to a screw full dislocation CA on the bubble surface

(Figure 5.16(e)).

Next, the full screw-character dislocation CA cross slips from the (11̄1̄) plane to a new

(111) plane, which is parallel to the original plane and tangent to the periphery of the

bubble, and then dissociates into two new partials (Cδ and δA in Figure 5.16(f)). Here,

the character angles of both Cδ and δA are 30◦. When cross slip ends, CA becomes an
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extended full dislocation on the lower (111) plane and its total character angle remains

0◦. The arrangement of the two SFs appear to be stuck on two parallel (111) glide

planes. With further shear loading, the line directions of Cδ and δA align to the y axis

([112̄] direction). As a result, Cδ transforms into a screw dislocation and another partial

dislocation δA breaks away from the bubble with its character angle increasing from 30◦

to 60◦ (Figure 5.16(g)).

As the shear loading continues, the partials Bδ and δC on the upper (111) plane

also reorient their line directions on the surface of the bubble, such that when they

constrict, they form a full screw dislocation BC (Figure 5.16(h)). The reorientation

involves a reduction in the character angle from 30◦ to 0◦, similar to the reorientation

of the full dislocation CA in Figure 5.16(e). Subsequently, dislocation BC cross slips

and dissociates into two partials (αC and Bα) on the (11̄1) plane (Figure 5.16(i)). As

shown in Figure 5.16(j), this extended dislocation BC glides down on the (11̄1) plane,

as an extended dislocation with two bounding Shockley partials Bα and αC of mixed

character 30◦.

In the next Figure 5.16(k), the leading partial Bα on the (11̄1) plane meets the

trailing partial Cδ on the lower (111) plane, reacting to produce a Hirth dislocation

αδ/CB. Finally, the trailing partial αC on the (11̄1) plane continues to move and it

reacts with αδ/CB, producing a new Shockley partial Bδ with the character angle of

60◦. Taken together, it is observed that the dissociated edge dislocation BA transitions

from one (111) glide plane to another (111) plane 13 atomic planes below it by a series

of dislocation dissociations, constrictions, cross slips and reactions. None of the steps

involve conventional climb. For these reasons, MSB is an abnormal bypass mechanism.
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5.4.4 Volume variation of He bubble

To gain insight into the role of He/V ratio in FCC Cu, what happens to the bubble

in MSB versus the other bypass mechanisms, climb and dislocation cutting, are first

investigated. In Figure 5.17(a) and (c), the evolution in bubble volume and pressure

during its interaction with the dislocation is plotted, from first impingement to complete

bypass for the same temperature and L = 20 nm. In the first case, the He bubble has

R = 1.0 and the edge dislocation cuts through the bubble, and in the second one, with

higher R = 1.5, it climbs down. For reference, the bubble volume and pressure in same

stressed environment but without dislocation is shown. In cutting, the bubble volume

and pressure are preserved and by comparison with the no-dislocation situation, they

evolve as if there was no interaction with the dislocation. When the dislocation climbs

downward, however, there is an increase in bubble volume and concomitant decrease in

pressure. The volume change occurs at two specific points in time, or equivalently at

strains of 0.008085 and 0.008300 when superjogs have formed during climb, as marked

in Figure 5.15(b–c) and (d–f), respectively. In each case, the volume change is small,

0.4% and 0.4%, leading to a total change of only 0.8%. The number of vacancies , nV,

can be estimated for each volume change of bubble, presuming that the volume of each

vacancy is ≈ 0.25a30 (a0 is the lattice parameter), the atomic volume for FCC Cu. At

each moment, nV is 29 and as shown in Figure 5.17(c), the bubble pressure decreases.

The volume and pressure of the bubble are tracked in Figure 5.17(b) and (d) when

the bubble spacing is fine enough, L = 10 nm, to potentially cause MSB. The expansion

does not happen continuously but through specific events. When R = 1.5 and MSB

occurs, first bubble expansion starts at the moment reorientation of the line directions

(Cβ and βA) occurs (in Figure 5.16(d)) and the character angle of the dislocation CA

decreases to the screw orientation. The bubble enlarges abruptly as the dislocation cross
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Figure 5.17: (a–b) The ratio of the volume variation of He bubble to its initial volume
and (c–d) the bubble pressure as a function of strain at 300 K for L = 20 nm and
L = 10 nm with the bubble diameter d = 6 nm. Three cases are shown. The first two
correspond to dislocation-bubble interactions with R = 1.0 and 1.5, and the last one,
for reference, is deformation of a bubble with R = 1.5 without the dislocation. The
lowercase letters in (a)–(d) correspond to those in the snapshots in Figure 5.15 and
Figure 5.16.

slips downward to another (111) plane, several atomic planes below than the original

(111) plane. Similarly, the second volume expansion originates from the adjustment of

the line directions of Bδ and δC in Figure 5.16(h), where the full dislocation BC decreases

its character angle to zero, constricts and then cross slips. The total change in bubble

volume is ∼ 4%. In contrast, in the other two cases, with R = 1.0 when the dislocation

cuts the bubble or with R = 1.5 without the dislocation but under the same stress and

temperature conditions, the bubble does not experience a noticeable change in volume.
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The pressure drop accompanying MSB is substantial, about 14%. The analysis indicates

that MSB becomes favored over cutting when it can aid in dropping the pressure of

the bubble. In the analysis in Figure 5.17, another key difference between MSB and

climb is the number of planes traversed by the dislocation. When R = 1.5 and L =

20 nm, in which the dislocation climbs at the bubble, the dislocation climbs six planes

downward. For the same R and T , but L = 10 nm, in which the dislocation moves via

MSB, the number of planes traversed is much greater, 13. The MSB more effectively

moves downward in attempt to bypass the bubble.

5.4.5 Conditions for climb and multi-step bypass

The temperature and He/V ratio together affect the pressure in the bubble. At 300

K and for d = 6 nm and R = 1.5, the bubble pressure is ∼ 5 GPa for both L = 10 nm

and L = 20 nm cases. For d = 6 nm and R ranging from 1.0 to 1.6 in increments of

0.1, calculations for a range of T are carried out to identify the critical temperature and,

thus, the critical pressure above which climb, in the case of L = 20 nm, or MSB, in the

case of L = 10 nm, occurs. The critical temperature T was determined by the bisection

method within ±0.5 K.

Figure 5.18 maps the bubble pressure on R and T axes and for L = 20 nm, the regime

in which cutting (region I), climb (region II), and bubble breakdown (region III) occur.

In region III, when the R and T become too great, SFs and dislocations punch out from

the He bubble surface, as seen previously [266]. For a void, R = 0, no temperature was

found to cause climb. The pressure line marking the boundary between regions I and II

is the critical pressure for climb. As R increases, the critical temperature T for climb

decreases and the critical pressure associated with the onset of climb becomes higher.

Similarly, for L = 10 nm, a region in the R and T map, at which the pressures are

169



A novel bypass mechanism for an edge dislocation through a helium bubble Chapter 5

Figure 5.18: The pressure of the He bubble (d = 6 nm) as the function of temperature
T and He/V ratio R for bubble spacing (a) L = 20 nm and (b) L = 10 nm. The
pressure contour is divided into three parts: I, II and III, which are bounded by
solid and dashed lines. Regions I, II and III represent the combinations of R and
T for bubble-cutting bypass, dislocation climb or MSB, and unstable He bubble,
respectively. The red points are the critical combinations of R and T for dislocation
climb or MSB, and the numbers around them denote the related gas pressures.

sufficient for MSB, is identified. As R increases, the critical temperature to traverse from

region I to region II for MSB decreases, while the corresponding pressure rises. These

critical pressures for MSB, however, are lower than those for climb. Provided that the

bubble density is high enough to enable MSB, the combination of R and T is less severe

than those needed for climb. The extreme R and T conditions for the bubble to serve as

a source for dislocations, region III, is independent of the bubble density and is the same

for both L = 10 nm and 20 nm.

The critical pressure exhibits a small dependence on the particular combination of R

and T . This dependency arises from the influences of R and T on promoting vacancy

motion that supports the climb and MSB processes. A rise in temperature promotes the

motion of vacancies and a larger number of He atoms in the bubble attracts vacancies

due to higher He-vacancy binding energy (0.34209 eV) than Cu-vacancy binding energy

(0.14566 eV), see Figure 5.13 for binding energy calculation.

The bypass mechanisms, climb and MSB, both relieve the pressure of the bubble at
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Figure 5.19: The measured volume expansion of the He bubble via the algorithm of
construct surface mesh [171] implemented in the OVITO [125] as a function of the
calculated theoretical value. All the points are extracted from Region II in Figure 5.18.
The temperature for MSB ranges from 191 K to 600 K, while that for climb from 199
K to 600 K.

fixed R and T because they result in an expansion of the bubble. As the dislocation

reorients, reacts, and glides to bypass the bubble, vacancies can be emitted and flow to

the bubble. The volume of material affected by the moving dislocation when it bypasses

the bubble can be estimated by ∆VC = H × Lc × Lp, where H is the distance traversed

normal to the original glide plane, Lp, the interplanar spacing in [11̄0], and Lc is the

length of the dislocation that undergoes MSB or climb. In climb, Lc is identified from

the simulation in each case, and in MSB, Lc is taken as the bubble spacing 10 nm,

since the entire length makes the transition. At the same time, from simulation, the

actual volume expansion of the bubble ∆VM can be measured (see methodology), after

the dislocation has bypassed it. Figure 5.19 compares ∆VM and ∆VC for both climb and

MSB events for a range of R and T . It indicates that regardless of R and T , ∆VM and

∆VC show a nearly one to one agreement. Further, it is observed that MSB involves

greater volume change and thus bubble pressure relief than climb.
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5.4.6 Activation energy for climb and multi-step bypass

Figure 5.20: The activation energy for the critical interaction mechanism as a function
of He/V ratio R for (a) L = 20 nm and (b) L = 10 nm. The values above the blue
bars in (a) and (b) denote the critical temperatures required for climb and MSB,
respectively. The critical temperature for bubble-cutting mechanism is approximately
1 K lower than those given.

Finally, the characteristic time ta required for climb and MSB, spanning from the

moment of first contact with the obstacle to final break away from the obstacle, is deter-

mined and compared. From this calculation, it is found that despite the greater number

of steps and planes traversed in MSB than in climb, ta in MSB is much shorter for fixed

T and R. The activation energy Ea associated with ta and T can be estimated using

transition state theory [304], via Ea = kBT ln
(
νDbta
2d

)
, where kB, νD, and b, are Boltz-

mann’s constant, Debye frequency, and the value of the Burgers vector, respectively. For

Cu, b = a0/
√

2 = 0.25562 nm and νD = 4.46 × 1013 Hz [305]. For the comparison, a

critical temperature Tc for climb or MSB was identified for each R, such that at 1 K

lower, the dislocation cuts the bubble. In Figure 5.20(a), Ea corresponding to the two

bypass mechanisms, cutting and climb, are compared when the bubble spacing is L =

20 nm, above critical length for MSB. The critical temperatures Tc are provided above

the data bars. For fixed R, the activation energy for climb is only slightly smaller than
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that for bubble-cutting. The results also show that higher R lowers the Ea for both,

making these bypass mechanisms easier. In the event that MSB is possible, with finer

spacing, L = 10 nm (Figure 5.20(b)), the Ea for MSB is noticeably smaller than that for

bubble-cutting at a given R and near or at the threshold Tc . As before, the Ea for MSB

decreases with increases in R, indicating greater amounts of He in the bubble promotes

MSB over cutting. Overall, when comparing the critical R and T values needed to invoke

climb or MSB, it is found that MSB is the more favorable mechanism.

5.5 Discussion

The MSB is a novel bypass mechanism that appears to arise only in the severest of

conditions of high bubble density (tight spacing) and high He doses (high He/V ratio).

Both conditions are representative of those that can occur in metals under high-dose

irradiation [106].The role of fine spacing in promoting MSB likely arises from one among

the many steps in the MSB process—the reorientation of the dislocation line, which

is a near free-surface effect from mixed character to screw character. This maneuver

is driven by energy minimization near a free surface, as the screw oriented dislocation

has the lowest elastic line energy [306, 307]. Previous experiments have observed such

dislocation rotation from mixed to screw orientation when the dislocation ends on a flat

surface of CuAl thin foil [301] and silicon crystal [302]. For the same conditions in which

MSB emerged, i.e., d = 6 nm and R = 1.5 at room temperature, the calculation for a

series of L ranging from 10 nm to 20 nm in increments of 1 nm are repeated, finding

that the critical bubble spacing below which MSB occurs over climb is L = 11 nm. The

inner surface-to-surface spacing in the crystal in which the dislocation transfers is only

5 nm. The extent of the “bubble surface effect” depends on several factors, such as the

elastic modulus of the material, temperature, and He/V ratio. In the case of d = 6 nm,
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R = 1.5 and room temperature, the extent is short, no more than ≈ 2.5 nm from the

bubble surface. For larger spacing, much of the bypassing dislocation line lies out of

reach and MSB is not possible, forcing the dislocation to climb to circumvent the bubble

conventionally.

It is found that the other severe condition for MSB is a high He/V ratio in the

nanobubbles. This response may be unique to the FCC crystals, like the Cu studied

here, in which dislocations are extended and do not climb easily. To date, MSB has

not been reported in BCC crystals, regardless of He/V ratio. Edge dislocations in BCC

materials are not extended and when interacting with a void or bubble, they will climb.

The interesting similarity lies in the direction of bypass. In BCC crystals, for high

He/V bubbles, the edge dislocation will climb downwards but for the voids or low He/V

bubbles, it climbs upwards. Likewise in FCC crystals, MSB in tight nanobubble spacings

or climb in wide spacings involves downward motion when He/V ratios are high. In the

case of BCC Fe, the low He/V nanobubble or void acts as a vacancy source, causing the

dislocation to climb upwards and the bubble to shrink [272, 256, 257, 270]. In the case of

FCC and BCC crystals, the drive for vacancies to bind to He atoms in the bubble is the

likely cause for the downward motion of dislocation when the He/V ratio in the bubble

becomes sufficiently high [270].

Whether He bubbles give rise to strengthening or softening in metals has met con-

troversy in experiments. Wang et al. [104] found the implanted He bubbles increase the

strength of single-crystal Cu nanopillars but impair their ductility. However, Liu et al.

[308] argued that He bubbles can induce softening rather than strengthening in α-Zr,

once the bubble size exceeds a threshold. Recent studies report that He-implantation

can simultaneously lead to greater strength and better ductility than un-irradiated Cu

[106, 309], an attribute that breaks the common strength/ductility trade-off [310]. They

attributed hardening to the reduced dislocation mean free path and postponement of
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strain localization by high He bubble densities. Our calculations show that MSB has a

much lower critical bypass stress than conventional bypass mechanisms of climb or bub-

ble cutting at room temperature, suggesting that MSB could possibly be responsible for

material softening under large He-implantation doses or high bubble densities.

MSB is studied here as a bypass mechanism for edge-character dislocations. De-

formation generally involves the motion of dislocations of all characters. MSB is obvi-

ously not possible for screw-oriented dislocations, which can cross slip over obstacles, like

nanobubbles. However, a complex bypass mechanism, such as MSB, involving a series of

dislocation constrictions, dissociation, cross slip, and reactions may be a possible bypass

mechanism for mixed dislocations, depending on the relative size of the screw compo-

nent. A comprehensive understanding of the mechanical performance of irradiated metals

with gas nanobubbles, would include mapping the regime of He/V ratio and nanobubble

density at which bypass mechanisms convert from the conventional to complex.

5.6 Summary

In this chapter, a unique mechanism, called MSB, is used by an edge dislocation to

bypass a He bubble in a FCC metal, Cu. At room temperature, it emerges as a more

favorable mechanism compared to conventional ones in the event the concentration of He

in the bubble is sufficiently high. It is shown that is accompanied by a drop in bubble

pressure. The conditions of He-to-vacancy ratio in the bubble and temperature in which

MSB is favored over bubble cutting are determined.

The findings reveal another way a dislocation can bypass a bubble, one that is distinct

from conventional bypass mechanisms found in textbooks. This mechanism has not been

reported before since it is seen here to only activate under high bubble density (tight

spacing) and high He doses (high He/V ratio). Its discovery can help in identifying those
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extreme irradiation conditions that can lead to material softening, which may provide

guidance on the application criterion of metals in nuclear reactors.
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Chapter 6

Conclusions and Recommendations

for Future Work

6.1 Summary and conclusions

In this thesis, atomistic simulations have been utilized to investigate the fundamental

dislocation dynamics behaviors, i.e., nucleation or slip, in three representative chemmi-

cal and microstructurally complex metallic materials, including multi-principal element

alloys (MPEAs), metallic nanolaminates and irradiated Cu with He bubbles. The effects

of the corresponding chemical compositions and/or distribution as well as microstructure

on dislocation physics are revealed in Chapters 3–5, from which the following conclusions

are drawn:

1. As the number of MPEAs being studied and the impressive structural properties

they exhibit increase rapidly, questions regarding the role played by their com-

plex chemical fluctuations rise concomitantly. Using a combination of large-scale

molecular dynamics (MD), a hybrid MD and Monte-Carlo simulation method, and

crystal defect analysis, the role lattice distortion (LD) and chemical short-range
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order (CSRO) play in the nucleation and evolution of dislocations and nanotwins

is investigated by stretchinng single crystal and nanocrystalline CoCrNi, a MPEA.

LD and CSRO effects are elucidated by comparisons with responses from a hypo-

thetical pure A-atom alloy, which bears the same bulk properties of the nominal

MPEA but no LD and no CSRO. The analysis reveals that yield strengths are deter-

mined by the strain to nucleate Shockley partial (SP) dislocations, and LD lowers

this strain, while higher degrees of CSRO increase it. While these partials prefer

to nucleate in the CoCr clusters, regardless of their size, they find it increasingly

difficult to propagate away from these sites as the level of CSRO increases. After

yield, nanotwin nucleation occurs via reactions of mobile SPs and is promoted in

MPEAs, due to the enhanced glide resistance resulting from LD and CSRO. Intro-

ducing pre-existing nanotwins instead of intrinsic stacking faults (ISFs) can better

improve the strength of the nanocrystal MPEA at both low and room tempera-

tures, since nanotwins not only block non-planar SPs, but also allow the SPs to

glide on twin boundaries and thus promote more nucleation and glide of SPs.

2. The ultra-high strength of nanolaminates arises from the effect of the fine layering

on dislocation motion. Confined layer slip (CLS) of dislocation is considered as

the primary mechanism for plastic deformation in nanolaminates. It depicts the

confined motion of a single dislocation between two parallel interfaces nanometers

apart. Using atomistic simulations, the effects of interface structures, interface

spacing, or equivalently individual layer thickness, and dislocation distribution on

the CLS of edge dislocation are investigated. For the effect of interface structures,

three classes of interface structures are considered, i.e., Cu/Nb or Cu/Cu incoherent

interfaces and Nb/Nb coherent interface. Glide behavior is jerky when the interface

is incoherent and composed of discrete misfit dislocation arrays. The resistance to
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glide is non-uniform among parallel glide planes, where planes with intersection

lines coinciding with misfit dislocation lines experience greater resistances than

those that do not. Interfaces containing misfit dislocations, which extend from

the interface into a glide plane in the layer, severely obstruct glide, causing the

dislocation to transfer to a parallel plane. Coherent interfaces, while posing the

least resistance to initiate and promote smooth glide, lead to strain hardening. By

contrast, only Nb/Nb nanotwinned nanolaminates with coherent twin boundaries

(CTBs) are utilized to study the effects of layer thickness and dislocation distribu-

tion. CLS motion transitions from smooth glide to staggered glide as the nanolayer

thickness increases, while the line bows out, as theoretically pictured. For the same

nanolayer thicknesses L, dislocation CLS in the nanofilm is smooth and the CLS

resistance is 47 to 79% lower. For both the nanolaminate and film, the nanolayer

size L effect on CLS resistance is found to follow the expected ln(L)/L scaling

with an additional constant that depends on the interface/dislocation interaction

but is independent of L. When like-signed dislocation glide concurrently in the

same glide plane in the adjacent layers, the dislocations move with almost no bow-

out, and the CLS resistance is substantially reduced, even below that of the thin

film bounded by two free surfaces. With an increase in the glide plane separation

between like-signed dislocations in the neighboring layers, a higher flow stress is

obtained. However, when the dislocations are oppositely signed, CLS motion is

jerky and the stress fluctuates and overall increases three fold.

3. With exposure to high-energy particle irradiation, structural metals develop a num-

ber of nanoscale defects, one of which is the nano-sized He bubble. Formed through-

out the material, these bubbles can directly impair the movement of dislocations

and dramatically alter mechanical performance. Propagating edge dislocations in
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face-centered cubic (FCC) metals, driven under sufficient mechanical forces, are

expected to cut through He bubbles, due to the higher energetic expense. Using

atomistic simulations for a model Cu material, it is shown that the dislocation-

bubble interaction mode changes from dislocation bubble cutting to dislocation

climb at room temperature, as the He/V ratio increases. More remarkably, when

the ratio of bubble spacing to bubble diameter decreases below a critical value,

an alternative, energetically favorable mechanism emerges, in which the entire ex-

tended edge dislocation moves to another plane without climbing and without jog

formation. The mechanism involves a long series of steps, which we refer to as

multi-step bypass (MSB). Both conventional climb and abnormal MSB at room

temperature involve vacancy migration from the Cu crystal to the He bubble, re-

sulting in bubble expansion. The conditions for climb and MSB are related to

deformation temperature and bubble pressure. Higher temperature and bubble

pressure help dislocation climb and MSB. Compared to the dislocation climb and

bubble cutting, MSB is more energetically favorable.

6.2 Recommendations for future work

To some extent, this thesis has deepened the understanding about the dislocation

dynamics underlying the yielding, strengthening and plasticity in chemmical and mi-

crostructurally complex metallic materials. However, some questions still remain and

the recommendations for future research are listed below.

1. The effects of LD and CSRO on the nucleation and density variation of disloca-

tions and nanotwins have been revealed by straining single crystal and nanocrys-

talline MPEAs. However, it is still unclear how LD and CSRO affect the mobility

of dislocations and twinning partial dislocations separately. Especially for twin-
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ning partial dislocations, their mobility is directly related to the migration of twin

boundaries and the growth of deformation twins. Specifically, the mobility law (i.e.,

stress-velocity relation) of dislocations and twinning partial dislocations in MPEAs

should be built by a series of MD simulations. In addition, the length scale MD

simulation lies in is nano scale, which is too small to reflect the macroscopic be-

haviors of MPEAs. To bridge the gap between nano scale and macro scale, discrete

dislocation dynamics (DDD) method utilized at micro scale is a suitable tool. After

the mobility laws of dislocations and twinning partial dislocations in MPEAs are

obtained from MD simulations, they can be input to DDD simulations to simulate

the dislocation evolution at micro scale. Then. the plasticity related to dislocation

dynamics in MPEAs can be illustrated at different scales.

2. This thesis has demonstrated the effects of layer thickness and dislocation distribu-

tion on the CLS between CTBs in a nanotwinned Nb nanolaminate. Since there is

no interfacial dislocation on CTBs, the conclusions are drawn based on a simplified

model. In practice, it is more common that nanolaminates consist of alternating

dissimilar layers and possess semi-coherent or incoherent interfaces with interfacial

dislocations. The effects of layer thickness and dislocation distribution on the CLS

between these semi-coherent or incoherent interfaces are expected to differ from

those on the CLS between CTBs, due to the existence of interfacial dislocations

and their interaction with the confined dislocation. Thus, the investigation on the

effects of layer thickness and dislocation distribution on the CLS between these

semi-coherent or incoherent interfaces should be conducted to build a general CLS

strength theories.

3. The interaction between an edge dislocation and He bubble with respect to He/vacancy

ratio, bubble size and bubble spacing has been elucidated in this thesis. Unable
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to cross slip, edge dislocation is the most simple dislocation that is usually chosen

when researchers study the dislocation-obstacle interactions. The deformed met-

als, however, also contain a large amount of screw and mixed dislocations. Since

these non-edge dislocations contain the component of screw character, they may

cross slip during their interactions with He bubble, possibly leading to a completely

different mechanism. To understand comprehensively the mechanical performance

of the irradiated metals with He bubbles, it is necessary to study the interaction of

non-edge dislocation with He bubble. Moreover, intrinsic/unstable stacking fault

energy varies in different FCC metals and question regarding their effect on the

dislocation-bubble interaction still remains. It is helpful for the engineers to design

the next generation of structural metals in the nuclear reactors if this question is

answered completely.
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