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Abstract

Understanding Electrothermal Physics in Complex Oxide Thin Films

by

Shishir Pandya

Doctor of Philosophy in Engineering-Materials Science and Engineering

University of California, Berkeley

Professor Lane W. Martin, Chair

Advances in materials displaying strong electrothermal phenomena can enable next-
generation devices that besides powering themselves utilizing ambient waste heat can also
cool down electronics that, in times to come, will dissipate nearly all the input energy into
heat. Pyroelectrics is one such class of materials that exhibits a complex interplay of elec-
trical polarization and heat that has the potential for waste-heat energy conversion and
solid-state cooling. While pyroelectricity and its thermodynamic converse, the electrocaloric
effect have been known for decades, there remains a significant gap in the fundamental
understanding of how to control and exploit this electrothermal phenomena, including sig-
nificant differences between theoretical and experimental observations, under utilization of
advances in the design and synthesis of complex-oxide ferroelectric thin films, and inade-
quate characterization techniques (particularly for thin films). The research presented here,
therefore, aims to bridge this gap by employing a comprehensive approach to the design,
synthesis, and characterization of complex oxide thin films and explore routes to enhance
electrothermal responses. First, new insights into the nature of growth of these complex
ferroelectric materials will the developed. This will include understanding the role of epi-
taxial strain in exerting control over the film morphology and the ferroic domain structure.
Next, a direct technique for measuring both pyroelectric and electrocaloric effect in epitax-
ial ferroelectric thin films will be demonstrated. Combined, this will facilitate a thorough
investigation of how domain structures effect the electrothermal and electromechanical sus-
ceptibility in thin films of the canonical ferroelectric PbZr1−xTixO3. Next, the potential of
thin-film ferroelectrics in high-power waste-heat harvesting will be explored in the relaxor
ferroelectric 0.68Pb(Mg1/3Nb2/3)O3-0.32PbTiO3 using solid-state thermodynamic cycles that
mimic traditional gas-phase thermodynamic cycles. Using field- and temperature-dependent
pyroelectric measurements, the role of polarization rotation and field-induced polarization
in mediating the large pyroelectric effect will be explained. Finally, moving beyond the pro-
totypical pervoskite ferroelectrics like PbZr1−xTixO3 and (1-x)Pb(Mg1/3Nb2/3)O3-xPbTiO3,
electrothermal response in new lead-free and CMOS-compatible ferroelectric HfO2 will be
explored.
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Chapter 1

Introduction to Electrothermal
Phenomena in Ferroic Materials

In this Chapter, I provide a brief introduction to electrothermal phenomena in com-
plex oxide ferroelectrics. Starting with a discussion of the symmetry considerations required
for these electrothermal interactions, the pyroelectric and electrocaloric effect in materials
will be formally introduced. This will be followed by a discussion of how such effects are
measured in materials with an emphasis on what makes the measurement of such effects
challenging in the case of thin films. The nature of both these electrothermal susceptibili-
ties in ferroelectrics, specifically, in the vicinity of phase transitions, will then be discussed.
This will include a brief discussion of the possible routes by which these electrothermal
susceptibilities have been or can potentially be enhanced. Finally, two major applications,
pyroelectric energy conversion and electrocaloric cooling will be introduced that have not
only motivated this dissertation but many more. Following the technical background, a brief
chapter-by-chapter summary of the work to be covered will be provided.
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1.1 Fundamentals of Electrothermal

Interactions-Symmetry and Phenomena

1.1.1 Pyroelectric Effect

The inherent coupling between the polarization and temperature in certain ferroic
materials makes them an important class of electrothermal systems. Susceptible to changes
in temperature, these materials can exhibit the so-called pyroelectric effect (PEE) where a
change in the temperature engenders a change in the electrical dipole moment. This can
be understood with reference to the potential-energy landscape of the ions constituting the
dipole moment. Any excitation caused by an increase in the lattice temperature, forces the
ions into a higher energy level in the potential well, resulting in the change in the mean
equilibrium position in the lattice (due to the anharmonic nature of the potential well)
and hence a change in the electrical dipole moment.[1] This electrical dipole moment under
zero applied electric field (referred to as the spontaneous polarization (PS) must conform
to the point-group symmetry of the crystal. It therefore follows immediately that the PEE
cannot exist in a centrosymmetric crystals possessing an inversion symmetry (11 out of the 32
possible point-group symmetries).[2] Of the remaining 21 non-centrosymmetric point groups,
only 20 (with the exception of group 432), exhibit the piezoelectric effect, i.e., generation
of electric charge due to an applied mechanical (direct piezoelectric effect) or generation of
mechanical strain upon application of an electric field (converse piezoelectric effect). Since
polarization is a vector property (first-rank tensor), only 10 of the 20 point groups exhibiting
the piezoelectric effect constitute the polar class that exhibit the PEE.[2]

Quantitatively, the PEE is parametrized as a vector π, or the pyroelectric coefficient,
which is defined as the rate of change of polarization with temperature. In most materials,
this change is due to a change in PS or the permanent dipole moment of the system and the
PEE herein is referred to as the primary PEE. Since the PEE is manifested as a change in
the surface charge density due to a change in temperature, the PEE can also be generated
in a variety of materials in other ways that include:[3] 1) Temperature-dependent change in
dielectric permittivity : A dielectric material under an electric field can show a pyroelectric
response if the dielectric permittivity strongly changes with temperature. 2) Piezoelectric
effect : When piezoelectric materials are heated, the propensity to expand results in thermal
stress (strain) in a mechanically constrained (free) system which, via the piezoelectric effect,
results in the change in the surface charge density or electric displacement. This effect is
referred to as the secondary PEE (T → ε→ P , Figure 1.1).[4] 3) Flexoelectric effect : Even
centrosymmetric materials when subjected to inhomogeneous strains (for example, a strain
gradient) can polarize via the flexoelectric effect[5, 6] and result in temperature-dependent
changes in the surface charge density. Non-homogeneous strains can also be generated under
a spatially non-uniform temperature and in this case, the developed pyroelectricity is referred
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Figure 1.1: Schematic indicating the range of thermo-electro-mechanical coupling effects in
ferroelectric materials. (Adapted from J. F. Nye Physical Properties of Crystals, 1964)

as the tertiary PEE.[7] As such, the net pyroelectric coefficient along the z-direction, can
therefore, be expressed as

πz =
∂Pz
∂T

=
∂Pz0
∂T

+ ε0Ek
∂εzk
∂T

+
∂ (dzklσkl)

∂T
+
∂
(
µzijk

∂ujk
∂i

)
∂T

(1.1)

where Pz0 is the spontaneous polarization along the z-direction, εzk is the component
of the dielectric tensor, Ek is the applied electric field along the k-direction, dzkl and σkl are
the components of the piezoelectric and stress tensors, µzijk and ujk are the components of
the flexoelectric tensor and the strain tensor, respectively.

A subset of pyroelectrics, that can be switched via an externally applied electric
field, constitutes another group of crystals called ferroelectrics. The polar ferroelectric phase
is related to its prototypical higher-symmetry, non-polar phase (referred as the paraelectric
phase) by means of a reversible structural displacement that occurs as the materials is cooled
though the transition temperature known as the Curie temperature (Tc) (Figure 1.2a). Below
(Tc), the spontaneous polarization tends to increase with decreasing temperature (Figure
1.2b), resulting in the PEE and ECE that forms the basis of a wide variety of applications
including waste-heat energy harvesting,[4–6] infrared imaging,[1] and electron emission.[8, 9]

As the ferroelectric material cools through Tc, the emergence of PS results in a large
electrostatic energy due to uncompensated bound charges if the polarization is uniformly
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Figure 1.2: (a) Free energy as a function of polarization (for a second-order phase transition)
in the paraelectric phase (T > Tc) shown as a dashed-line and in the ferroelectric phase
(T < Tc) shown as a bold line. (b) Spontaneous polarization as a function of temperature.
(Adapted from K. Rabe et al. Physics of Ferroelectrics: A Modern Perspective, (2007).

polarized. The resulting depolarizing field, therefore, tends to destabilize the polarization.
In ferroelectrics, this excess electrostatic energy is accommodated by the formation of fer-
roelectric domains with polarization pointing in antiparallel directions. These domains are
separated by 180◦ domain walls across which the direction of polarization changes from
one domain to the other. In addition to the electrostatic energy, the excess elastic energy
particularly in clamped thin-films and mechanically-constrained systems, can result in the
formation of ferroelastic domains. These domain structures can have a profound effect on
the pyroelectric susceptibilities. The primary PEE in ferroelectrics consisting of ferroelastic
domain structures can therefore be divided into two contributions: (1) intrinsic contribu-
tions that arise from the temperature-dependent change in PS within a ferroelectric domain,
and (2) extrinsic contributions that arise because of the temperature-dependent movement
of ferroelastic domain walls resulting in a change in the fraction of the ferroelastic domains.
This can be expressed mathematically as

∂ 〈Pi0〉
∂T

= φi
∂ 〈P 〉
∂T

+ 〈P 〉 dφi
dT

(1.2)

where 〈Pi0〉 is the net polarization in the i-direction, 〈P 〉 is the spontaneous polar-
ization within the domain polarized in the i-direction, and φi is the fraction of ferroelastic
domains spontaneously polarized in the i-direction.
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1.1.2 Electrocaloric Effect

Electrothermal systems wherein the order parameter is strongly coupled to temper-
ature, can, in turn, have their entropy tied to various thermodynamic fields (e.g., stress,
magnetic- or electric-field). For instance, if one takes an expanded spring and releases the
tension,[10] or moves a piece of nickel away from a magnet,[11] or removes an electric field
from a Rochelle salt crystal,[12] all these materials will spontaneously cool down. These ex-
amples depict the mutual convertibility of work from an external perturbation. While most
of the caloric effects (elastocaloric and magnetocaloric) have predominantly been studied
in intermetallics and alloys, the electrocaloric effect has typically been studied in ceramic
oxides. The electrocaloric effect (ECE) is defined as the isothermal change in entropy or the
adiabatic change in temperature upon the application or withdrawal of an externally-applied
electric field in a material that crystallize in one of the ten polar point groups. Advances in
materials displaying these effects could provide alternatives to thermoelectrics[13] for low-
power, integrated solid-state cooling.[14–16]

By thermodynamic analysis, the net change in the entropy of a crystal due to change
in the elastic stress, electric field, and temperature can be derived by the following tensor
equation[17]

dS =

(
∂S

∂Ek

)
σ,T

dEk + αEkij dσij +
Cσ,Ek

T
dT (1.3)

The net electrocaloric coefficient can thus be expressed as

Σ =
dS

dEk
=

(
∂S

∂Ek

)
σ,T

+ αEkij
dσij
dEk

(1.4)

where αEkij is the thermal expansion tensor at a constant electric field. The first term
on the right-hand side of the equation is the primary contribution while the second term
is the secondary contribution to ECE due to a field-induced piezoelectric strain. It should
be noted that in the above expression the volumetric heat capacity, Cσ,Ek is assumed to be
constant under an electric field and stress which is not necessarily the case especially near
phase transitions where contributions to the entropy change due to a phase change should
also be taken into consideration.

Akin to the extrinsic contributions to the primary PEE due to temperature-dependent
movement of ferroelastic domain walls, the switching of ferroelastic domains under an elec-
tric field can result in extrinsic contributions to ECE. The primary ECE can therefore be
expressed as
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∂S

∂E
= φi

∂Si

∂E
+
∂Sβ→δ

∂E
(1.5)

where ∂Si

∂E
is the dipolar entropy change in the domains polarized along the i-direction

and with volume fractions φi and ∂Sβ→δ

∂E
represents the entropy change due to a phase change

from a generic phase β to δ under the same electric field constituting the extrinsic contribu-
tion to ECE.

While the ECE has been known for decades, it has remained one of the least studied
and understood ferroic phenomena. Part of the reason includes the significantly small mag-
nitude of temperature change associated with this effect that it was (until about a decade
ago) deemed useless for any practical application. The dearth of work on electrocalorics
therefore resulted in fundamental discrepancies in our understanding of these effects. For
example, three of the most famous, classic texts on ferroelectrics (Fatuzzo & Merz,[18] Mit-
sui et al.,[19] Jona & Shirane[20]) disagree with each other as to what temperature regime
they believe the ECE is permitted to occur (above or below Tc, or both). Another example
is whether the PEE,

(
∂P
∂T

)
E

a correct measure of the ECE,
(
∂S
∂E

)
T

in thin films, where such
a discrepancy has led to significant differences between the theoretically predicted and the
experimentally observed values of the electrocaloric temperature change. At the same time,
inadequate measurement techniques for thin films have further crippled accurate characteri-
zation of the ECE. The result is a lack of fundamental understanding about the mechanisms
underlying these electrical-thermal interactions and, subsequently, how to control these in a
deterministic fashion to enhance overall material response.

1.2 Measuring Electrothermal

Susceptibilities-Background and Challenges

1.2.1 Measuring Pyroelectric Susceptibilities

The pyroelectric susceptibility of a ferroelectric is typically characterized by measur-
ing the pyroelectric current generated in response to a known temperature change. The
pyroelectric current (ip) depends on the rate of change of temperature

(
dT
dt

)
as ip = πAdT

dt
,

where π is the pyroelectric coefficient and A is the area of the ferroelectric capacitor. As
future nanoscale electronics, energy-conversion devices, and on-chip solid-state refrigerators
increasingly require thin films, the challenges associated with measuring the electrothermal
properties in thin films has become a pressing concern in both advancing the fundamental
physics and to enable new functionalities in materials. The area A probed for measuring
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the electrothermal response in thin films is limited by the presence of defects like pinholes,
etc. causing the measured ip to be significantly smaller and prone to electrical noise for the
same

(
dT
dt

)
in comparison to the bulk counterparts. Further, the intrinsic defects in thin

films results in thermally stimulating currents (TSC) due to a temperature-induced release
of charge from trap states within the ferroelectric.[21, 22] In turn, the techniques used for
characterizing the PEE in the bulk like the Byer-Roundy method[23] are rendered less useful
and as a matter of fact quite imprecise for thin films. Even the more sophisticated phase-
sensitive periodic heating method[24, 25] can be difficult to implement given the limitations
in the heating frequency and the poor accuracy in estimating

(
dT
dt

)
in thin films. Ways

to circumvent these limitations were proposed by using either modulated laser-based[26] or
microfabricated resistive heater-based[27] approaches. However, the challenges associated
with modeling the heat transport and therefore in the estimation of the temperature change
has kept this method largely reserved within a few research groups. As a result, even after
more than 200 years of quantitative characterization of the PEE, research/review papers
exclusively on the measurement protocols are still found useful and worthy of publication.[3,
28]

1.2.2 Measuring Electrocaloric Susceptibilities

Since the report of the large ECE in antiferroelectric PbZr0.95Ti0.05O3 ceramic thin
films[29] and organic P(VDF-TrFE) thin films,[30] there has been a marked increase in the
research to probe ECE in ferroelectric materials with a quest to find more efficient cooling
technologies on par with the magnetocaloric effect.[31] Despite these successful and exciting
results there is discrepancy regarding the accuracy and methodologies of the approaches used
to quantify the electrocaloric responses in these materials. Typically, to quantify ECE, the
polarization is measured as a function of electric field and temperature to extract

(
∂P
∂T

)
E

and the electrocaloric response is inferred through the thermodynamic Maxwell relations[(
∂S
∂E

)
T

=
(
∂P
∂T

)
E

]
. The isothermal entropy change and the adiabatic electrocaloric temper-

ature change is estimated (indirectly) using the integral

∆Siso =

∫ E2

E1

(
∂P

∂T

)
E

dE (1.6)

∆Tad = −
∫ E2

E1

(
T

C(T,E)

)
E

(
∂P

∂T

)
E

dE (1.7)

Such indirect measurements, however, require a careful understanding of the bound-
ary conditions of the materials since the equivalence of ECE and PEE necessarily holds true
only in mechanically-free/unclamped systems or systems under a constant stress boundary
condition. This is of concern in case of thin films that are clamped to the substrate and
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are free to expand only in the direction normal to the surface place. Alternatively, direct
measurements of electrocaloric responses have been attempted, but the inherent difficulties
due to the small size and the extremely small thermal mass of thin-film heterostructures re-
sults in the electrocaloric temperature change that is usually well below the resolution of any
off-the-shelf thermocouple or a calorimeter. Additionally, since ECE is a high-field response,
one must carefully consider the effects such as Joule heating (from current flow through the
material) which can alter the temperature change in direct measurements. Comparisons of
direct and indirect methods have shown that in some cases the two techniques yield similar
results,[32–34] but can also vary dramatically in others,[35–37] especially in relaxor ferro-
electrics where the compositional disorder keeps the system in non-equilibrium.[38] Another
category of polar materials where the use of indirect technique can be potentially misleading
includes antiferroelectrics. Here, the measurement of an average polarization as a measure of
the order parameter is questionable since the appropriate order parameter is the staggered
polarization and not the average.[39] Such indirect measurement schemes have been a cause
for concern in the field and the development of measurement capabilities that allow reli-
able and direct measurements of ECE in thin-films is essential to undisputedly understand
the magnitude and mechanisms of this electrothermal response. Over the last few years, re-
searchers have been adapting new measurement strategies for the direct characterization ECE
in thin films. This includes the use of scanning thermal microscopy and infrared imaging,[40]
differential scanning calorimetry,[38] and laser-based thermo-reflectance measurements.[26]
These techniques once fully developed and vetted provide promise to probe the role of strain,
crystal and domain structure on the electrocaloric susceptibility in ferroelectric materials.

1.3 Enhancing Electrothermal Susceptibilities

The second-order derivatives of the free energy typically diverge in the vicinity of
phase transition,[41] and therefore perching the material at the brink of its phase transi-
tion has served as a conventional route to enhance electrothermal response in materials.[42]
Consequently, much of the work in the literature has focused on studying the nature of elec-
trothermal susceptibility in the proximity of a ferroelectric-to-paraelectric phase transition
in turn establishing ferroelectrics as prime candidates exhibiting large PEE and ECE. For
example, some of the earliest works reported large electrocaloric temperature changes near
the Tc of potassium dihydrogen phosphate (KDP, Tc ∼ 123 K)[43], triglycine sulphate (TGS,
Tc ∼ 323 K),[44] and Pb0.99Nb0.02(Zr0.75Sn0.20Ti0.05)0.98O3 (PNZST, Tc ∼ 434 K).[45] More re-
cent investigations have also revealed that the maximum electrocaloric change indeed occurs
at the Tc of ferroelectric materials.[46] However, under the application of an electric field, Tc
can shift to higher temperatures. If one looks at the electrocaloric responsivity (∆TEC/E),
different results were found. In bulk ferroelectrics, it was found that the temperature depen-
dence of ∆TEC/E exhibited a maxima at Tc regardless of the magnitude of electric field.[47]
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On the contrary, in some thin films no maxima in ∆TEC/E was found despite applying the
maximum possible electric field.[48] Similarly, in the case of relaxor ferroelectrics, the max-
imum value of ∆TEC/E was found near the tricritical point.[49] Similarly, PEE was found
to be maximized near the ferroelectric-to-paraelectric transition of Pb(Mg1/3Nb2/3)-based
ceramics.[50] Similar to the case of ECE, the PEE under an applied bias is expected is show
a maxima above the Tc. In general, significant research has therefore been invested in ex-
ploring routes to controllably tune Tc (via chemistry,[51–53] hydrostatic pressure[54, 55] or
epitaxial strain[56–59] in case of thin films) to a desired range of temperature.

In addition to the ferroelectric-to-paraelectric transition, the ferroelectric-to- ferro-
electric transition also results in the divergence of the electrothermal susceptibilities as, for
example, has been shown in the pyroelectric[60] and electrocaloric[61] response of BaTiO3

ceramic and single crystal, respectively. About these ferroelectric-to-ferroelectric phase tran-
sitions, ferroelectrics undergo a change in the structural symmetry and cause a rotation of
spontaneous polarization. This phenomena has been observed in numerous relaxor ferro-
electrics[62–64] and systems exhibiting a morphotropic phase boundary.[65, 66] A change in
the surface charge density due to rotation of polarization can therefore result in anomalies
in the electrothermal susceptibility. The rotation of polarization about the ferroelectric-to-
ferroelectric phase transition under high-field also results in interesting electrocaloric phe-
nomena. ECE which conventionally results in an increase in the lattice entropy under an
applied electric field can result in an inverse effect across these phase boundaries where
the application of electric field results in a reduction of lattice entropy. For example, the
rhombohedral-to-orthorhombic and orthorhombic-to-tetragonal phase transitions in single-
crystal BaTiO3 result in an inverse ECE as very recently shown experimentally[61] as well
as using first-principle-[67] and molecular-dynamics-based simulations.[68]

The competition between the polar phases also extends to systems that exhibit co-
existing ferroelectric and antiferroelectric phases. Recently, it was shown that field-induced
antiferroelectric-to-ferroelectric phase transitions can result in substantial caloric effects.[69–
71] Direct experiments on PbZrO3 ceramics[72] and phenomenological Landau-Kittel based-
model for Ba-doped PbZrO3[73] have reported that the application of electric field below
the critical field for a field-driven ferroelectric transition, to an antiferroelectric disrupts the
dipolar ordering in the two oppositely-polarized sublattices. This results in an increase in the
dipolar entropy and therefore in an inverse ECE. With increasing magnitude of electric field
(above the critical field), the conventional ECE due to the ferroelectric ordering counters
the inverse ECE from the antiferroelectric ordering. Therefore, the net ECE goes to zero
if the entropy changes in the two phases completely cancel out. With much higher applied
electric field, the antiferroelectric undergoes a field-driven transition into a ferroelectric such
that the ECE becomes conventional. Phase transitions in antiferroelectrics, therefore offers
unique and interesting ways to tune the polarity of the electrocaloric response. In turn, some
studies have proposed refrigeration cycles that can make use of the alternating polarity of
the ECE to improve the refrigeration capacity.[74, 75]
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So far, I have discussed how the competition between polar phases with different
symmetries under a temperature or electric-field perturbation can result in a change in the
polar structure/order at a unit-cell level. At a more macroscopic level (∼ tens to hundreds
of nanometers), temperature and electric field can also alter the mesoscopic domain struc-
ture in ferroelectrics. These domain structures can have a profound effect on ferroelectric
susceptibilities. Simply, the presence of domain walls in BaTiO3[76] and PbZr0.2Ti0.8O3[77]
was reported to result in a stationary or frozen contribution to the dielectric permittivity. In
addition, the field-dependent irreversible motion of domain walls (constituting the extrinsic
contribution) can further enhance the dielectric permittivity.[78] Similarly, the piezoelec-
tric effect was found to be strongly dependent on the irreversible domain wall motions in
bulk ceramics[79] of barium titanate and lead zirconate titanate and thin films of lead zir-
conate titanate.[80] The role of such domain structures in controlling the electrothermal
susceptibilities (extrinsic contributions), however, has remained comparatively understudied
in part due to experimental challenges associated with the measurement of these physical
phenomena which have, instead, driven almost all the work to date to be done via computa-
tions. Phenomenological Ginzburg-Landau-Devonshire-based thermodynamic formulations
have calculated the extrinsic contribution to PEE[81, 82] and ECE[83] due to temperature-
and field-dependent motion of domain walls, respectively. It was found that these extrinsic
contributions, that were often ignored in the previous calculations, have an appreciable im-
pact on PEE and ECE and both the effects are maximized at the phase boundaries (between
c and c/a, and between c/a and a1/a2). Later, phase-field studies[84, 85] predicted that the
ECE is maximum under a tensile strain in the c/a phase as a consequence of the competi-
tion between the enhancement of ECE and the reduction of c-domain fraction. A systematic
experimental study across the entire strain-induced phase space is therefore necessary to
understand the true magnitude and nature of the electrothermal response in polydomain
ferroelectrics where domain interconversion under both changes in temperature and electric
field can result in sizable electrothermal responses.

1.4 Energy Conversion

1.4.1 Pyroelectric Energy Conversion

The coupling between polarization and heat in pyroelectric materials allows for the
conversion of temporal fluctuations in temperature into useful electrical energy. In contrast
to the steady-state energy conversions using the Seebeck effect in thermoelectrics,[86] py-
roelectrics require a temporal change in the temperature to get a steady flow (alternating)
of electric current. This idea was first implemented using a direct conversion cycle where
a periodic heating and cooling of a pyroelectric material drove an alternating current in a
load resistor.[87] Later, more popular approaches involved the use of thermodynamic cycles
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Figure 1.3: (a) A schematic of the pyroelectric Ericsson cycle showing the various isothermal
and isoelectric processes. The total energy density per cycle is given by the area of the closed
loop,

∮
EdP . (b) A schematic illustration of electrocaloric cooling showing the various

isentropic and isoelectric processes.

that mimicked gas-phase cycles for energy conversion including, for example, Stirling-like
cycles with two isothermal and two isodisplacement processes,[88, 89] Carnot cycles with
two isothermal and two adiabatic processes.[90] It was however, the adaptation of an Eric-
sson cycle (or the Olsen cycle) which includes two isothermal and two isoelectric processes
(Figure 1.3a), that revealed the potential of extracting the maximum potential work using
pyroelectrics out of all the cycles studied to date.[91] This cycle begins with the application
of an electric field at a constant temperature that increases the polarization of the ferroelec-
tric (1 → 2). This is followed by an increase in the temperature at constant electric field
(2 → 3). Next, the ferroelectric is depolarized isothermally by reducing the electric field
(3 → 4). Finally, the ferroelectric is cooled at a constant electric field (4 → 1). The net

workdone includes the workdone due to the pyroelectric effect (E23

∫ T3
T2
πdT + E41

∫ T1
T4
πdT )

and dielectric effect (
∫ E2

E1
εEdE +

∫ E4

E3
εEdE). The net heat input, likewise, includes the en-

ergy to change the polarization (T12

∫ E2

E1
ΣdE+T34

∫ E4

E3
ΣdE) and to increase the temperature

of the ferroelectric (
∫ T3
T2
CdT +

∫ T1
T4
CdT ). It should be noted that the physical properties

π, Σ, ε and C are functions of electric-field and temperature and the integrals for work and
heat should be taken into account. The efficiency of pyroelectric energy conversion is simply
the ratio of the net workdone to the heat input.

Earlier work on pyroelectric energy conversion (PEC) using the Eric-
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sson cycle has mostly focused on bulk pyroelectric materials. Key exam-
ples include bulk-ceramic (Pb1−xLax(Zr0.65Ti0.35)1−x/4O3), [92] and single-crystal
(Pb0.99Nb0.02(Zr0.68Sn0.25Ti0.07)0.98O3, [87] Pb(Zn1/3Nb2/3)0.955Ti0.045O3, [93, 94] and
Pb(Mg1/3Nb2/3)0.68Ti0.32O3).[95] Limited work on thin films include (P(VDF-TrFE), [96–98]
and BaTiO3[99]). To cycle the temperature, a wide variety of techniques were employed.
Bringing pyroelectric materials in physical contact with hot and cold metal blocks and
immersing the pyroelectric material alternately in thermal baths maintained at high and
low temperatures have remained the most common approaches. Other techniques included
pumping hot/cold fluids for heat exchange or using liquid-based thermal interfaces[98]
that permits a change in the thermal conductance between the pyroelectric material and
heat source/sink. Combined, these materials/approaches have produced maximum energy
density, power density, and scaled efficiency values of ∼1 J cm−3,[92] ∼30 W cm−3,[99]
and 5.4%,[100] respectively to date. The ultimate performance of these prior studies was
limited by aspects related either to the materials themselves (i.e., they had intrinsically
low pyroelectric coefficients) and/or to the functional form of the material (i.e., inability
to apply large electric fields and slow thermal cycling due to a large thermal mass). In
turn, to propel the field forward, novel routes (field-induced domain structure and phase
evolution, field-induced defect reorientation, etc.) to enhance the PEE are needed. Further,
since PEE is inherently a surface phenomenon, PEC in thin film version of materials needs
to be explored that can permit operation at both higher electric field and allow for much
faster thermal transport.

1.4.2 Electrocaloric Solid-State Cooling

Vapor-compression cooling technology has stood the test of time and has been in use
for virtually all the air-conditioning and refrigeration needs. However, the growing demand
for clean cooling solutions and, in particular, for the ones that are suited for modern wearable
electronics and mobile computing devices, has motivated research to look for newer ways to
cool things. In turn, in the last few years, significant progress has been made in exploring
routes to cool things using the elastocaloric,[101] magnetocaloric[31] and electrocaloric ef-
fects.[14] Similar to the case of pyroelectric energy conversion, electrocaloric cooling can be
achieved by a sequence of thermodynamic cycles (Figure 1.3b). Briefly, the electrocaloric
cooling cycle implements adiabatic depolarization (akin to adiabatic demagnetization)[102]
and consists of the following steps. First, the dielectric material is polarized adiabatically
(1 → 2). This causes the lattice entropy and therefore the temperature to increase. Next,
the heat is rejected to a sink while keeping the electric field constant (2→ 3). Next, the field
is removed adiabatically (3→ 4). This increases the dipolar entropy and in turn reduces the
lattice entropy and the temperature. Finally, heat is absorbed from the cooling load (source)
to complete the cycle (4→ 1). This process, in fact is the exact opposite (anticlockwise in-
stead of clockwise) implementation of the pyroelectric Ericsson cycle and converts electrical
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work into thermal energy.

The earliest implementation of electrocaloric cooling used the strong temperature-
dependence of the dielectric permittivity (under both zero- and large electric field ) of bulk
SrTiO3 to extract heat at 4 K and reject it to a reservoir at 15 K.[103] About a decade later,
the order-disorder relaxor PbSc0.5Ta0.5O3 (with ∆T = 1.3 - 1.5 K at 25 kV cm−1) was used as
the working body of an electrocaloric cooler.[104] To efficiently use an electrocaloric material,
it is required that the heat transfer be fast enough so that heat can diffuse through the entire
thickness of the material and the material undergoes a complete heat absorption/rejection
step.[105] However, the slower heat transport in these materials (due to low thermal con-
ductivities) combined with the lower breakdown field of the bulk dielectrics limited the use
of ECE materials in their bulk-functional form and propelled the research community to
explore the potential of thin-film ECE materials. Additionally, significant efforts were made
to circumvent the challenges associated with the slower/poor heat transport in the elec-
trocaloric system by using thin-film heat switches,[106, 107] switchable liquid-based thermal
interfaces,[108] co-axially rotating electrocaloric rings,[109] to more recent designs involving
electrostatic actuation.[14]

1.5 Organization of the Dissertation

In the remainder of this dissertation, scientific and engineering work focused on such
electrothermal material and effects are organized into six chapters, two appendices and a
section for references. These chapters cover the following.

In Chapter 2, the synthesis of thin-film versions of the canonical ferroelectric
PbZr1−xTixO3 will be discussed. It will be shown, how growth via pulsed-laser deposi-
tion can give rise to high-quality heteroepitaxial systems and how this process in particular
can be used to control the growth kinetics and give rise to interesting topographical features
mostly observed in metals. A wide variety of structural characterization techniques com-
monly used to study ferroelectric thin films will be introduced. These techniques, ranging
from X-ray diffraction-based macroscopic measurement of crystal structure, orientation and
epitaxial relationship to more localized probe of the atomic-level topography, piezoresponse
and electron diffraction that will be used throughout the body of this dissertation will be
introduced.

In Chapter 3, the challenges in characterizing the electrothermal susceptibility in thin
films will be discussed. In turn, a novel electrothermal characterization technique is devel-
oped and presented for measuring both PEE and ECE in epitaxial ferroelectric thin films. An
electrothermal test platform is demonstrated where localized high-frequency periodic heat-
ing and highly-sensitive thin-film resistance thermometry allows for the direct measurement
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of pyrocurrents < 10 pA and electrocaloric temperature changes as small as 2 mK using
the “2-omega” and an adapted “3-omega” technique, respectively. The development of such
a reliable measurement technique will facilitate a deeper understanding of the mechanisms
underlying and magnitude of these responses and inspire confidence in the design of devices;
opening the door to a new community of researchers to study such electro-thermal effects in
a robust manner.

In Chapter 4, the role of epitaxial strain and the resulting domain structures is
studied on the electrothermal and electromechanical response in ferroelectric thin films of
PbZr1−xTixO3. Beginning with phenomenological models, the stability of various ferroelastic
domain structures under a range of epitaxial strain conditions is discussed. Further, using
phase-field studies a new regime in the temperature-strain phase space is identified where
two well-known domain structures can coexist and compete thereby providing facile con-
trol of the structure under external perturbations in temperature and electric field. Using
the techniques described in Chapter 3, the electrothermal susceptibilities of heterostructures
with varying domain structures are investigated and the role of domain structures in the
enhancement of both PEE and ECE via the extrinsic contribution is measured. Finally,
ferroelectric switching behavior is investigated using scanning-probe-based measurements
and the resulting multi-step switching process concomitant with large electromechanical re-
sponse is discussed in the light of a facile interconversion of the different ferroelastic variants.
Ultimately, a deterministic and non-volatile writing/erasure of large-area patterns is demon-
strated as a pathway to improved electromechanical functionalities.

In Chapter 5, pyroelectric susceptibilities due to a temperature-and electric field-
dependent change in the crystal symmetry of a canonical relaxor-ferroelectric system (1-
x)Pb(Mg1/3Nb2/3)O3-xPbTiO3 is investigated. The role of electric field in enhancing the
zero-field pyroelectric response is discussed within the framework of field-induced rotation of
polarization and field-induced enhancement of the average polarization. The resulting large
values of the π in conjunction with the dramatically quenched value of εr under the applied
electric field yields significant figure of merit for pyroelectric energy conversion. Ultimately,
solid-state, thin-film devices are demonstrated that convert heat into electrical energy using
pyroelectric Ericsson cycle, and optimized to yield the highest energy density, power density
and efficiency (fraction of Carnot) values reported to date that put pyroelectrics on par with
thermoelectrics.

In Chapter 6, the electrothermal response in new, lead-free and silicon-compatible
binary oxide ferroelectric HfO2 thin films are investigated. Like many other ferroelectrics,
there exists a significant dearth of literature on the pyroelectric and electrocaloric response
of HfO2-based ferroelectrics. Here, I measure the pyroelectric and electrocaloric response
(for the first time) in ultra-thin versions of these materials and correlate the response to the
inherent defect structure in the films.
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In Chapter 7, I will summarize the major findings of the current work and provide
suggestions for future work to build on the findings presented here.

Appendix A covers the details of pulsed-laser deposition and gives an overview of
thin-film-growth mechanisms with special attention to the epitaxial growth of complex oxide
thin films.

Appendix B provides details of the thermal transport models developed and employed
to characterize pyroelectric and electrocaloric effects in thin-film heterostructures.
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Chapter 2

Synthesis and Structural
Characterization of Complex Oxide
Thin Films

In this Chapter, I report the synthesis and structural characterization of complex
oxide thin films of the type to be used in this dissertation. Using the prototypical ferroelec-
tric PbZr0.2Ti0.8O3 as an example, I introduce pulsed-laser deposition as a non-equilibrium
growth technique to synthesize epitaxially-strained version of functional oxides thin films.
In particular, this Chapter will introduce the growth process while highlight the obser-
vation of strain-induced growth instabilities and nanoscale-surface patterning as the epi-
taxial strain perturbs the growth dynamics. Using scanning-probe force microscopy, a
growth-mode transition from 2D-step flow to self-organized, nanoscale 3D-island formation
in PbZr0.2Ti0.8O3/SrRuO3/SrTiO3 (001) heterostructures are demonstrated as the kinetics
of the growth process respond to the evolution of strain. Using, X-ray diffraction-based
reciprocal space mapping (RSM) studies and transmission electron microscopy (TEM), I
show how the increase in the relaxation of epitaxial strain results in the formation of misfit
dislocations at the buried film-substrate interface. In turn, a periodic, modulated strain field
is generated that alters the adatom binding energy resulting in inhomogeneous adsorption
kinetics causing preferential growth at certain sites. Ultimately, this strain-induced kinetic
instability drives a transition from 2D growth to long-range, periodically-ordered arrays of
so-called “wedding-cake” 3D nanostructures which self-assemble along the in-plane [100] and
[010].
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2.1 Introduction

Next-generation thin-film devices will require the production of ultrathin films and
superlattices with atomically-sharp interfaces and, potentially, self-patterned 3D nanostruc-
tures to enable a range of applications.[110–113] In turn, the ability to control and manipulate
the nature of growth processes in epitaxial films, for instance between 2D-growth modes for
planar structures to self-organized 3D nanostructures, is critical. In order to achieve such
control, an understanding of the physics of the complex atomistic processes that occur at
the growth-front is essential. Such control can be obtained by understanding the kinetics
of growth instabilities in non-equilibrium growth processes. For example, in the growth of
Pt/Pt (111)[114] and Ag/Ag (111),[115] multi-terrace islands can arise as a consequence of
limited interlayer mass transport kinetics due to an Ehrlich-Schwoebel (ES) energy barrier
which restricts the diffusion of adatoms down a step edge and biases growth towards multi-
terrace islands.[116–118] Quantitative estimates of this barrier have been extracted from
scanning tunneling microscopy (STM) studies[114, 119] and kinetic Monte-Carlo[120] and
phase-field simulations.[121] The ES barrier can also cause a morphological Bales-Zangwill
instability,[122] which is diffusional in origin and promotes waviness of the vicinal terrace
edge[123] and can destabilize step-flow growth producing step meandering and multi-terrace
island formation.[124]

At the same time, research has suggested that the growth kinetics of heteroepitaxial
thin-film systems can be strongly dependent on epitaxial strain. In both metal[125, 126]
and semiconductor[127] systems, the diffusion of adatoms can be strongly influenced by the
surface strain. For instance, the activation energies for Ag self-diffusion can vary greatly
depending on the strain state with considerably lower values being observed for diffusion on
a strained, pseudomorphic Ag monolayer on Pt (111) (60 meV) as compared to unstrained
Ag (111) surfaces (97 meV).[115] Additionally, relaxation of epitaxial strain via misfit dislo-
cation formation can also affect the surface diffusion and nucleation. Again, in Ag/Pt (111)
heterostructures, after 2 monolayers of Ag are deposited, the large lattice mismatch (4.3%)
is accommodated by the formation of stress relief patterns where the misfit dislocations on
the surface repel the adsorbed adatoms and partition them into 3D nanostructures.[128] In
Si1−xGex films on Si (001), strain relief manifests in a series of morphological changes. At
sub-monolayer coverages surface reconstruction begins to form.[129, 130] Later, 3D islands
with well-defined facets that are coherent with the substrate lattice begin to form. The
driving force for such facet formation is the effective strain relief along the crystallographic
direction that compensates the increase in surface energy.[131] Strain relief can also manifest
by cross-hatching of the surface or formation of undulations or “ripples.” Such structures
have been explained by equilibrium calculations as the result of balancing the strain energy
from the buried misfit dislocations and the surface energy[132, 133] and by incorporating
strain relaxation due to dislocation glide in the film interior and lateral surface transport
that eliminates surface steps.[134, 135]
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On the other hand, the evolution of surface morphology in the growth of complex-
oxide thin films has been studied far less. The limited work includes experimental study of
a growth mode transition from layer-by-layer to step-flow growth in SrRuO3/SrTiO3 (001)
heterostructures[136] and theoretical study of the evolution of growth mode under competing
elastic and kinetic forces.[137] Recently, researchers have reported evidence of surface cross-
hatch morphologies in SrTiO3/NdGaO3 (110) heterostructures[138] which were attributed
to the anisotropic strain relaxation with 60◦ misfit dislocation formation that caused lateral
surface step flow. On the other hand, in La0.5Ca0.5MnO3/SrTiO3 (001) heterostructures,[139]
it was suggested that the interaction of the depositing adatoms with the dislocation stress
field was responsible for the cross-hatching.

Building off of this work in metals, semiconductor, and oxide thin films, this Chap-
ter will demonstrate the presence of misfit dislocations at a buried interface producing a
periodic, modulated strain field that alters the adatom binding energy landscape and leads
to a kinetic instability that drives a transition from 2D- to ordered, 3D-island growth in
PbZr0.2Ti0.8O3/SrRuO3/SrTiO3 (001). The result is long-range, periodic, ordered arrays of
“wedding cake” 3D nanostructures along the in-plane [100] and [010]. The spatially inho-
mogeneous surface strain state drives deterministic changes in the surface morphology and
potentially provides a useful experimental pathway to understand and control the dynamics
of epitaxial thin-film growth processes.

2.2 Growth of Epitaxial PbZr0.2Ti0.8O3 Thin Films

Thin films of PbZr0.2Ti0.8O3, a prototypical tetragonal ferroelectric (a = 3.95 Å and
c = 4.13 Å at 300 K)[140] with thickness ranging from 25-150 nm were grown on 25 nm
SrRuO3/SrTiO3 (001) (cubic, a = 3.905 Å at 300 K) substrates using pulsed-laser deposition
(details of the pulsed-laser deposition process and the setup are in Appendix A). Briefly, in
pulsed-laser deposition, a UV (λ = 248 nm) excimer laser with a pulse width of 10-50 ns
and an energy of 50-100 mJ ablates the target (ceramic or single-crystal) with the desired
composition resulting in a power of ∼ 107 W. This intense power of the laser plume produces
a plasma plume that is directed towards a heated substrate upon which the film is deposited.
For oxides, the deposition is done in an oxidizing atmosphere (typically with dynamic partial
pressures of oxygen in the 1-200 mTorr range) at temperatures typically ranging from 500-
900◦C.

SrRuO3 (an orthorhombic oxide metal with a pseudocubic lattice constant of 3.93
Å)[141] was used as a lattice-matched bottom electrode for electrical characterization of the
ferroelectric heterostructure. SrRuO3 was grown at 645◦C in an oxygen pressure of 100
mTorr with a laser fluence of 1.30 J cm−2 and repetition frequency of 10 Hz. Subsequently,
PbZr0.2Ti0.8O3 was grown at 635◦C in an oxygen pressure of 200 mTorr with a laser fluence
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Figure 2.1: Atomic force microscopy (AFM) images and extracted line profiles (black
dashed line in AFM image) for heterostructures with PbZr0.2Ti0.8O3 thickness of (a),(b) 25
nm, (c),(d) 40 nm, (e),(f) 55 nm, and (g),(h) 150 nm, respectively. For (b), (d), (f), and (h),
the vertical scale is in units of nanometers and the horizontal scale in units of microns.

of 1.35 J cm−2 and repetition frequency of 3 Hz. Following growth, the heterostructure was
cooled to room temperature at 5◦C min−1 in a static ∼700 Torr pressure of oxygen.

2.3 Structural Characterization of PbZr0.2Ti0.8O3 Thin

Films

2.3.1 Atomic Force Microscopy Study of PbZr0.2Ti0.8O3 Thin
Films

Topographic study of the films was carried out using atomic force microscope (AFM)
(MFP-3D, Asylum Research). AFM studies of surface topography reveal that 25 nm thick
heterostructures (Figure 2.1a) exhibit atomically-smooth, terraced surfaces indicative of
growth in a predominantly step-flow growth mode with some formation of 2D islands on
the flat terraces which eventually coalesce with the vicinal step edges. A line-trace across
this surface confirms that the individual steps are a single unit cell in height (Figure 2.1b).
As the thickness of the film increases to 40 nm (Figure 2.1c), a change in the surface struc-
ture occurs whereby localized multi-terrace islands, which are ordered along the [100] and
[010], are observed to form (the multi-layer island formations can be seen in the line profile,
Figure 2.1d). By a film thickness of 55 nm (Figure 2.1e), a highly-ordered array of multi-
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terrace islands is observed (confirmed by the line trace, Figure 2.1f). The ordered nature of
the multi-terrace islands gives the appearance of a cross-hatched or ripple-like pattern that
runs along the [100] and [010]. Detailed analysis of the linear density of these features was
completed by measuring several areas of the same size over several areas on several different
heterostructures of each thickness. The linear density of the cross-hatched or ripple-like fea-
tures increases from an average of 0.78 µm−1 for 40 nm thick films to an average of 4.53 µm−1

for 55 nm thick films. When the heterostructure thickness reaches 150 nm (Figure 2.1g),
the multi-terrace islands are reminiscent of so-called “wedding-cake” structures (due to their
uncanny resemblance)[142] with a large number of terraces (Figure 2.1h). The tilted struc-
ture of ferroelastic domains in the PbZr0.2Ti0.8O3[143] can also be seen superimposing on the
multi-terrace island structure (Figure 2.1g). These multi-terrace islands in the PbZr0.2Ti0.8O3

heterostructures bear a striking resemblance to the features observed in homoepitaxial metal
films.[114, 115] Again, in metal films, such features were explained solely by the presence of
an ES barrier which limits interlayer mobility. Despite some similarities, there are a few key
differences between the observations in the PbZr0.2Ti0.8O3 heterostructures as compared to
that in the metal films. First, we note that multi-terrace island formation does not occur
in the PbZr0.2Ti0.8O3 heterostructures until a film thickness of 30-40 nm as opposed to the
onset in sub-monolayer deposition for metal films.[114] Second, in contrast to metal sys-
tems where there is no long-range order to the island formation, the multi-terrace islands in
PbZr0.2Ti0.8O3 are found to be aligned along the [100] and [010] and to occur in bands with
an average periodicity that scales inversely with the film thickness.

2.3.2 X-Ray Diffraction Studies of PbZr0.2Ti0.8O3 Thin Films

To understand the mechanism underlying both the delayed onset and ordering of these
multi-terraced island features, we probed the structure of the films using high-resolution X-
ray diffraction (X’Pert MRD Pro equipped with a PIXcel detector, Panalytical). θ − 2θ
diffraction patterns reveal that all films are single-phase (Figure 2.2a) and epitaxial (Figure
2.2b). As the film thickness increases from 25 nm to 150 nm, the 002-diffraction peak for
the PbZr0.2Ti0.8O3 shifts to higher Bragg angles indicating a decrease in the out-of-plane
lattice parameter possibly due to strain relaxation. Further insight is gained from the RSM
studies about the 002- and 103-diffraction conditions. Symmetric RSM studies about the
002-diffraction condition confirm that the morphological features observed herein are not the
result of ferroelastic domain formation due to the absence of diffraction peaks corresponding
to the a domains (i.e., the 200-diffraction peak) (Figure 2.3a-b) that only shows up at much
larger thickness (150 nm, Figure 2.3c). Asymmetric RSM studies about the 103-diffraction
condition revealed that the strain in the films steadily relaxes with increasing film thickness
(Figure 2.4a-c). It can be seen in the thinnest substrate are all found to possess the same Qx

values for their diffraction peaks which is indicative of coherently-strained films with in-plane
lattice parameters that match that of the substrate. As the film thickness is increased (i.e.,
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Figure 2.2: (a) X-ray diffraction pattern of PbZr0.2Ti0.8O3/SrRuO3/SrTiO3 (001) or PZT/
SRO/STO (001) heterostructures for films with (bottom to top) 25 nm, 55 nm and 150 nm
PZT film thicknesses. (b) Phi scan about the SrTiO3 110- (blue) and PZT 110- (red) diffrac-
tion conditions for a 55 nm PbZr0.2Ti0.8O3/SrRuO3/SrTiO3 (001) heterostructure revealing
full in-plane epitaxy.

55 nm and 150 nm, Figure 2.4b and 2.4c, respectively), however, the diffraction peak for the
PbZr0.2Ti0.8O3 is found to exhibit intensity that is smeared to smaller Qx values revealing
that the in-plane lattice parameter of the film is larger than that of the substrate and the
bottom electrode and that the film has partially relaxed towards its bulk in-plane lattice
constant. It should also be noted that while SrRuO3 bottom electrode of identical thickness
was grown under identical growth conditions, there is smearing of the Qx values of SrRuO3

with increasing thickness of PbZr0.2Ti0.8O3 film indicating lattice distortion in the SrRuO3

layer possibly as a result of strain relaxation of the PbZr0.2Ti0.8O3 film.

2.4 Strain Relaxation and its Implications on Growth

Mode

2.4.1 Quantification of Strain Relaxation

To quantify the magnitude of strain relaxation, we calculated an average diffraction
peak position (θavg, ωavg) weighted by the intensity. The effective in-plane lattice parameter
a‖ and in-plane strain relaxation can thus be calculated as
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Figure 2.3: Symmetric reciprocal space maps about the pseudocubic 002-diffraction con-
dition for PbZr0.2Ti0.8O3/SrRuO3/SrTiO3 (001) heterostructures with PbZr0.2Ti0.8O3 film
thickness of (a) 25 nm, (b) 55 nm, and (c) 150 nm, respectively. Thinner films (25 nm and
55 nm) do not show the presence of the PbZr0.2Ti0.8O3 200-diffraction condition suggesting
the absence of any in-plane domain formation unlike the thicker films.

afilm‖ =
λ

2sin(θavg)sin(θavg − ωavg)
√
h2 + k2 (2.1)

StrainRelaxation =
afilm‖ − asubstrate‖

afilm,bulk‖ − asubstrate‖

(2.2)

In turn, it can be seen that the PbZr0.2Ti0.8O3 film monotonically relaxes with in-
creasing film thickness (red data, Figure 2.5). The surface ripple density (blue data, Figure
2.5), however, first increases - trending similarly to the strain relaxation in Regime I - before
abruptly peaking and then rapidly decreases with a subsequent increase in the film thickness
(thus trending counter to the strain relaxation in Regime II).
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Figure 2.4: Asymmetric reciprocal space mapping studies about the 103-diffraction condi-
tions of heterostructures with PbZr0.2Ti0.8O3 thicknesses of (a) 25 nm, (b) 55 nm, and (c)
150 nm. Diamond symbols (black, open) represent the bulk lattice parameter.

2.4.2 Predicting Surface Strains using Linear Elastic Theory

Strain relaxation in lattice mismatched heterostructures is usually accommodated by
the formation of misfit dislocations during growth.[144, 145] We propose that the growth
instability and formation of spatially-ordered islands is the result of the stress fields from a
2D array of edge dislocations at a buried interface and the subsequent preferential nucleation
of adatoms driven by inhomogeneous surface strains.[146, 147] Let us consider an array of
uniformly-spaced, semi-infinite edge dislocations running parallel to and at a distance l
from the free surface of a semi-infinite body. For this system, the Burgers vector b = a <
100 >.[148–150] The in-plane stress at an arbitrary point can be calculated by summing the
contributions from all the dislocations in the array. The normal in-plane stress σxx along the
free surface is given by[151]

σxx(
x

h
, z = 0) = 8k0

bl

h2

{
∞∑

n=−∞

(x
h
− n)2[

(x
h
− n)2 + ( l

h
)2
]2
}

(2.3)
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Figure 2.5: In-plane strain relaxation (%, red circles) and surface ripple density (µm−1,
blue squares) as a function of film thickness.

where z = 0 implies the stress at the film surface and x is an arbitrary point in the
planar space, k0 = µ/2π(1 − ν) where µ and ν are the shear modulus and Poisson ratio,
respectively, h is the dislocation periodicity, b is the magnitude of the Burgers vector, and l
is the distance between the free surface and the dislocation array. The total stress at the film
surface is thus calculated by superimposing the compressive stress imposed by the epitaxial
strain and that due to the presence of a dislocation array at the interface as calculated above
(Equation 2.3). The resultant in-plane surface strain can thus be plotted (Figure 2.6a).

It can be seen that the pseudomorphically-strained heterostructures exhibit no strain
inhomogeneity. As the film thickness increases and the heterostructures begins to relax,
however, two effects are observed: 1) the mean compressive strain reduces due to an av-
erage strain relaxation and 2) a surface strain modulation due to the periodic strain fields
from the buried dislocation network is formed. It can also be seen that in thinner films,
the amplitude of strain modulation is larger in comparison to the thicker films. Such mod-
ulations in the surface strain state can affect the binding energy of the adatoms. Within
linear elastic theory, the binding energy varies linearly with external strain εext and can be
written as Ead = E0

ad + Aσεext,where E0
ad is the binding energy on an unstrained surface,

A is the surface area, and σ is the surface stress tensor induced by the adatom.[152] This
difference in the binding energy due to external strain can be understood as the additional
elastic energy equal to the work done by the adatom-induced stress against the applied
strain. In the present case, relaxation of a film by the formation of buried dislocations at
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Figure 2.6: (a) Calculated variation of compressive in-plane strain at the film surface
as a function of film thickness. The data, from top to bottom, represent the case for
pseudomorphically-strained (blue), 40 nm thick (purple), 100 nm thick (magenta), and fully-
relaxed (red) heterostructures and show periodic strain modulations on the surface of 40 nm
and 100 nm thick films due to the buried misfit dislocation array (T-symbol). (b) Schematic
illustration of the variation in the adatom binding energy on the surface where red and
blue areas are regions with stronger and weaker binding energy, respectively. (c) Schematic
illustration of the in-plane lattice parameters on the surface of a film under a partially
relaxed biaxial strain - red and blue areas are under less and more compressive strain, re-
spectively. (d) The measured topography of a 55 nm thick PbZr0.2Ti0.8O3 heterostructure
showing aligned wedding-cake structures.

the film-substrate interface causes strain modulation in two orthogonal directions resulting
in an inhomogeneous deformation of the surface creating local regions of maximum and min-
imum biaxial compressive strain (depicted in blue and red respectively, Figure 2.6b). This
inhomogeneity in the surface strain locally alters the binding energy of the adatoms and
creates an inhomogeneous potential energy landscape (Figure 2.6c). Quantification of this
modulation of the local binding energy is possible, but difficult. For instance, first-principles
calculations have been used to examine the strain dependence of adatom binding energies
in both homo- and heteroepitaxial growth of single-component metal and semiconductor
systems.[125, 152] Such quantification for the current multi-component system under study
in this work, however, has not been completed due to the lack of first-principles calculations
of the surface stress tensor for a multi-component system with complex adsorbing species.
One can, however, argue qualitatively that the adatom binding energy will alter in a peri-
odic manner following the distribution of the dislocation network and, therefore, the surface
strain modulation. It should be noted, that depending upon the nature of the surface stress
tensor, the adatom binding energy could either increase or decrease with the strain and thus
any qualitative representations should be viewed with this limitation in mind. In response



26

Figure 2.7: (a) Cross-section, dark-field TEM image of the same heterostructure taken
under the g = (200) two beam condition along the [012] zone axis showing the presence
of dislocations (white arrows point to dislocations located at the PbZr0.2Ti0.8O3/ SrRuO3

interface) and corresponding strain fields. (b) Zoom-in image of the strain-induced contrast
from the dislocation strain fields. (c) The representative electron diffraction pattern taken
along [012] zone axis.

to such a spatially-varying surface strain (Figure 2.6b) and adatom binding energy (Figure
2.6c), the film surface can evolve into a spatially-patterned, ordered array of multi-terrace
islands (Figure 2.6d) wherein 3D “wedding cake” structures are found to form in regions of
the least compressive strain which gives rises to the highest binding energy (preference for
strong adatom binding).

2.4.3 Evidence of Misfit Dislocation at Film-Substrate Interface

To confirm the presence of misfit dislocations in the heterostructure, transmission
electron microscopy studies were completed on a heterostructure with a 55 nm thick
PbZr0.2Ti0.8O3 film using JEOL 3010 microscope at the National Center for Electron Mi-
croscopy at Lawrence Berkeley National Laboratory. Cross-sectional, dark field imaging
taken under the g = (200) two beam condition along the [012] zone axis reveals the presence
of edge-type misfit dislocations at the PbZr0.2Ti0.8O3/SrRuO3 interface (Figure 2.7a). A
magnified region of this image reveals contrast characteristic of the distortion of the lattice
around the dislocation cores (Figure 2.7b); in other words, we can directly image the strain
fields produced by the dislocations. It can be seen that such a distortion extends close to the
film surface and manifests as periodic strain oscillations as shown previously in the model
above. By measuring several regions of the cross-section sample, the average strain modula-
tion was found to be periodic with a period of ∼ 200 nm corresponding to the surface ripple
density of ∼ 5 µm−1.
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Figure 2.8: Atomic force microscopy images and illustration of island identification proce-
dure for heterostructures with thicknesses of (a) 55 nm, (b) 65 nm, (c) 90 nm, and (d) 150
nm.

2.4.4 Island Coarsening with Increasing Thickness

Having established a connection between the multi-terrace islands that form at the
surface of the growing film and the misfit dislocations and strain modulations in the het-
erostructures, it is also important to understand how the growth process evolves as the strain
is relaxed and the strain modulations subside (Regime II, Figure 2.5). To do this, we focus
on films in a thickness regime where dislocations have already formed and the multi-terrace
islands are present to understand how further film growth drives a change in film morphology.
In particular, we have extracted the top terrace island density from AFM studies of films
varying from 55 nm to 150 nm in thickness to gain insight into the nature of island coarsen-
ing (Figure 2.8a-d). It can be seen that the density of the top terrace islands decreases with
increasing film thickness (Figure 2.8e) indicating that as the strain is relaxed, the local vari-
ations in the binding energy are reduce, thus diminishing the preferential growth in specific
strain-induced capture zones. As the binding energy profile is flattened across the surface,
diffusion of mass from the islands to the valleys is enabled, thus resulting in coalescence
of the islands. It should be noted, however, that the despite a driving for force island-to-
valley diffusion, the presence of the ES barrier restricts the extent to which surface diffusion
can occur (as it restricts downward funneling) and thus prevents complete annihilation of
island-like features and terraces on the surface. The net effect is, in turn, that the number of
top-terrace islands increases (again, predominantly due to the ES barrier) while the islands
themselves begin coalesce.
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Film thickness (nm) Island density (µm−2)
55 20.0±1.6
65 8.1±0.8
90 4.0±0.7
150 2.7±0.1

Table 2.1: Measured island density as a function of increasing film thickness.

Figure 2.9: Schematic illustration of the thickness evolution of the surface structure. (a) In
thin, unrelaxed films, step-flow growth persists; the arrows indicate the possibility of attach-
ment of adatoms either directly to the step edges or after being reflected by the descending
edge due to the ES barrier (inset shows the adatom potential energy landscape). (b) As the
thickness increases, there is an onset of a kinetic instability due to dislocation formation and
nucleation of islands in the capture zones (inset shows the adatom potential energy land-
scape is lowered, red color, due to the dislocation strain field). (c) With further increased
film thickness, formation of an ordered array of dislocations induces ordered, multiterrace
island formation. (d) Continued film growth, leads to formation of multi-terrace islands and
island coarsening.
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2.4.5 Mechanism behind the Topography Evolution under
Surface Strain

The observed surface morphology evolution can be explained as follows (Figure 2.9).
In thin films (i.e., 25 nm thick heterostructures) which have not relaxed, the surface in-plane
strain resulting from the lattice misfit is spatially homogeneous enabling persistent step
flow growth (Figure 2.9a). As relaxation begins, the resulting strain modulations pattern
the surface with an inhomogeneous adatom binding energy profile. As a result, there are
local regions wherein there is stronger binding of the adatoms to the surface which, in
turn, reduces the local desorption rate, gives rise to preferential growth in these specific
capture zones,[153] and disrupts the coherence of the step-flow growth (Figure 2.9b). This
is consistent with kinetic Monte Carlo simulations[154] which suggest that periodic strain
fields can alter the binding energy of the adatoms and experimental work on the growth
of self-assembled Ge quantum dots which demonstrated that the quantum dots preferably
grow first over the intersection of two perpendicular buried dislocations, second at a single
dislocation line, and finally away from dislocations.[155] With subsequent deposition (i.e.,
40 nm thick heterostructures), the film can potentially grow in three different ways with
adatoms 1) attaching to the existing vicinal step edges, 2) attaching at the edges around the
freshly nucleated 2D islands, or 3) nucleating on top of the 2D island and growing as stable
“wedding-cake” structures. AFM (Figure 2.6d) confirms that the second and the third modes
are preferred as a regular pattern of almost circular, multi-terrace islands grow in 2D periodic
arrays. Once the surface is patterned with inhomogeneous strain, the vicinal steps do not
advance as parallel edges and can grow outwards as finger-like protrusions thereby marking
the transition from stable to unstable step-flow growth and finally ordered multi-terrace
island formation (Figure 2.9c). The fact that the islands are multi-terraced additionally
suggests the existence of an ES barrier that inhibits down-step diffusion; adatoms that
land on top of these islands can only desorb or nucleate as stable clusters that grow as a
new terrace. With further growth, strain modulations on the surface are dampened with
increasing thickness (Figure 2.6a). Hence, the difference in the binding energy between the
compressive strain maxima and minima decreases. In turn, the adatoms are less strongly
confined to the capture zones, reducing nucleation and accentuating the coalescence of the
existing islands (Figure 2.8).

2.5 Conclusion

The results presented here demonstrate that by gaining control of the nature of epi-
taxial strain relaxation, we are provided a route to produce self-patterned film surfaces as
templates for fabrication of novel self-assembled nanostructures. Secondly, the preference
of certain systems to produce defects along specific crystallographic directions provides a
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second level of control to produce ordered and periodic nanoscale structures. In summary,
we showed that the strain fields from buried misfit dislocation arrays can strongly affect the
dynamics of nucleation and growth in epitaxial thin films. A transition from 2D to 3D-island
growth in PbZr0.2Ti0.8O3/SrRuO3/SrTiO3 (001) is observed with increasing film thickness.
This transition is driven by the evolution of a periodic misfit-dislocation-induced strain field,
in two orthogonal directions, that creates local binding energy variations which, in turn,
give rise to local capture zones for preferential adatom nucleation. As the film thickness
increases, a reduction in the surface strain modulation gives rise to a more homogeneous
binding energy profile which, in turn, diminishes the influence of the local capture zones and
results in a coalescence of the island features.
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Chapter 3

Electrothermal Characterization of
Complex Oxide Thin Films

In this Chapter, I report a direct technique developed for measuring both pyroelectric
and electrocaloric effects in epitaxial thin films. Using the same 150-nm-thick PbZr0.2Ti0.8O3

thin films synthesized in Chapter 2 as a model test material, here, an electrothermal test
platform is demonstrated wherein localized high-frequency (approximately 1 kHz) periodic
heating and highly sensitive thin-film resistance thermometry allows for the direct measure-
ment of pyrocurrents (< 10 pA) and electrocaloric temperature changes (< 2 mK) using the
“2-omega” and an adapted “3-omega” technique, respectively. Frequency-domain, phase-
sensitive detection permits the extraction of the pyrocurrent from the total current, which is
often convoluted by thermally-stimulated currents. The wide-frequency-range measurements
employed in this Chapter further show the effect of secondary contributions to pyroelectric-
ity due to the mechanical constraints of the substrate. Similarly, measurement of the elec-
trocaloric effect on the same device in the frequency domain (approximately 100 kHz) allows
for the decoupling of Joule heating from the electrocaloric effect. Using one-dimensional,
analytical heat-transport models, the transient temperature profile of the heterostructure is
characterized to extract pyroelectric and electrocaloric coefficients.
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3.1 Background and Challenges in Measuring

Electrothermal Susceptibilities

The pyroelectric coefficient π is typically characterized by measuring the pyroelectric
current (iP = Aπ dT

dt
, where A is the area of the capacitor and dT

dt
the temperature ramp rate)

generated in response to a known temperature transient. Most techniques used to measure
pyroelectric properties were developed to probe bulk ceramics or single crystals, including
laser-induced heating[156] and continuous ramp-rate heating studies.[157] These techniques
are adequate to estimate π for large samples (or large area capacitors), but lack the precision,
as a consequence of poor temperature accuracy, non-uniform heating, and contributions
from thermally-stimulated currents[21, 22], to measure small-volume samples (and small-area
capacitors).[3] For all materials, but particularly for thin-film samples, measurement methods
that can separate out deleterious or spurious signals are key to accurately measuring the true
pyroelectric nature. In turn, the work on thin films has turned to phase-sensitive pyroelectric
measurement techniques[24, 25], including those based on microfabricated resistive heater-
based measurements[27] and modulated laser-based approaches[26] to more accurately assess
the pyroelectric response of these small-volume samples.

The ECE, on the other hand, is parametrized by the isothermal entropy change
(∆Siso = −

∫ E2

E1
ΣdE) where Σ =

(
∂S
∂E

)
T

is the electrocaloric coefficient. In the case of
bulk materials, the traditional approach to measuring this quantity is to measure either the
change in temperature using thermometry[34] or the heat flux using calorimetry.[38, 158]
Similar to the PEE, the last few decades have seen growing interest in investigating the
ECE in thin films and, in turn, a need for more advanced measurement approaches has
developed. Driven by advances in thin-film epitaxy, researchers can now synthesize ferro-
electric thin films and superlattices with atomic-level control over composition and epitaxial
strain.[58, 159] It is thought that such thin-film versions of ferroelectrics can undergo signif-
icantly larger (order-of-magnitude) temperature changes as they can be driven considerably
harder than their bulk counterparts owing to the fact that considerably higher fields can be
applied to these thin versions of materials.[160] In turn, reports of large ECE in thin films
of PbZr0.95Ti0.05O3,[29] (1-x)PbMgyNb1−yO3-(x)PbTiO3,[29, 161] and SrBi2Ta2O9[162] have
rejuvenated interest in the study of ECE.

Despite this growing interest, these electrothermal responses (i.e., PEE and ECE)
in thin films remain considerably under-studied compared to dielectric, piezoelectric, and
ferroelectric effects. This discrepancy in study (and, in turn, understanding) is primarily
related to the fact that direct (and accurate) measurements of the temperature changes
are difficult. The small thermal mass of thin-film-based devices and the presence of the
substrate leads to non-adiabatic conditions where the film loses heat to the substrate with a
time constant smaller than the characteristic time constant for the application (or removal)
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of the electric field.[163] These inherent difficulties in measurement have, therefore, resulted
in the majority of work to date relying on so-called ”indirect” methods to measure ECE
In such indirect approaches, the polarization is measured as a function of electric field at
different temperatures to extract

(
∂P
∂T

)
E

and the ECE is inferred via application of the

Maxwell relation
(
∂P
∂T

)
E,σorε

=
(
∂S
∂E

)
T,σorε

. This allows one to estimate the isothermal dipolar

entropy change (∆Siso) and, in turn, the adiabatic temperature change (∆Tad) as[164, 165]

∆Siso = −
∫ E2

E1

(
∂P

∂T

)
E

dE (3.1)

∆Tad =

∫ E2

E1

(
T

C(T,E)

)(
∂P

∂T

)
E

dE (3.2)

where C(T,E) is the volumetric heat capacity. Many recent reports of large ECE,
including ∆T = 12 K for PbZr0.95Ti0.05O3 (∆E = 480; kV cm−1, initial temperature of 220◦

C),[29] ∆T = 12 K for the ferroelectric copolymer P(VDF-TrFE),[30] and colossal ∆T = 45.3
K at the transition temperature of films of the relaxor ferroelectric Pb0.8Ba0.2ZnO3[69] have
utilized this indirect approach. Correct application of this approach, however, requires that
the appropriate mechanical boundary conditions of the material are considered; particularly
in the case of thin films where the mechanical clamping to the rigid substrate breaks the
thermodynamic equivalence of the Σ and π.[35] Ultimately, the development of reliable
measurement techniques for thin films is needed to truly understand the mechanism and
magnitude of these responses and to inspire more confidence for the design of electrocaloric
devices.

3.2 Device Design

Measurement of both the PEE and the ECE on the same thin-film heterostructure
requires the ability to heat the ferroelectric thin film and measure iP flowing across the
ferroelectric in a capacitor circuit and to apply electric fields across the ferroelectric and
measure the temperature change in the ferroelectric layer. This calls for an independent
ferroelectric circuit, comprised of a rectangular capacitor-like geometry with symmetric top
and bottom electrodes, and a thermal circuit, comprised of a narrow thin-film metal strip
acting as a heater wire and four-point probes for thermal sensing.

Here, as a demonstration of the potential of this approach, I focus on measuring the
electrothermal response of a 150-nm-thick thin film of PbZr0.2Ti0.8O3 epitaxially grown on
20-nm-thick SrRuO3/SrTiO3 (001) substrate via pulsed-laser deposition using the process
described in Chapter 2. Following growth, the electrothermal characterization devices are
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Figure 3.1: (a) Schematic of the process to fabricate the electrothermal device for measuring
pyroelectric and electrocaloric effects in thin films. (b) Section-view through the view A-A
depicting various layers in the heterostructure. The film under test here is PbZr0.2Ti0.8O3

(red), while the two SrRuO3 layers (blue) connect to the top and bottom metal contacts.

produced via a multistep, microfabrication process. Briefly, the ferroelectric heterostruc-
ture is lithographically patterned and ion-milled to define the bottom electrode and the
ferroelectric “active” layer (Figure 3.1a). This step removes the bottom electrode (SrRuO3)
everywhere except under the active layer and the bottom electrode probe pad. This greatly
reduces the risk of electrical shorting of the top and the bottom electrode during wire bond-
ing. In this work, 90-nm-thick SrRuO3 is then selectively deposited as a symmetric top
electrode using a MgO hard-mask process[166] to establish a rectangular ferroelectric ca-
pacitor geometry (300 µm × 20 µm). It should be noted that the SrRuO3 deposited over
the ferroelectric or bottom-electrode mesa does not contact the SrRuO3 deposited on the
ion-milled region of the substrate to be used later for establishing an electrical contact pad.
This is done purposefully to ensure that the SrRuO3 does not get deposited on the sidewalls
of the ferroelectric layer and electrically short to the bottom electrode. Next, to electrically
isolate this ferroelectric circuit from the thermal circuit, a 200-nm-thick blanket layer of SiNx

is deposited using plasma-enhanced chemical vapor deposition (SiH4 + NH3 based). SiNx is
chosen as it exhibits a low dielectric permittivity (εr ≈ 7) and a thermal conductivity of 2
W m−1 K−1 measured via the differential 3-omega method.[167] The deposition temperature
of the nitride is limited to 350◦C to limit decomposition (i.e., Pb, Ru, or O loss) of the
films. This nitride layer is subsequently patterned and selectively etched using reactive-ion
etching in SF6 plasma, to obtain an electrically insulating film on top of the ferroelectric
capacitor. Etching the SiNx from everywhere around the ferroelectric capacitor reduces the
lateral dissipation of heat, which makes the top sensor line more sensitive to measuring small
temperature changes. Finally, a 100-nm-thick platinum thin-film resistance heater and ther-
mometer is lithographically patterned in the shape of a thin strip with four probe pads (two
outer and two inner pads; see the geometry in Figure 3.1a) to define the thermal circuit
(Figure 3.1b). Platinum contact pads for the top and the bottom electrode are also defined
in this step. While the platinum pad for the bottom electrode contacts the bottom SrRuO3
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Figure 3.2: (a) DC Current-voltage characteristics, (b) ferroelectric hysteresis loops, and
(c) dielectric permittivity and loss tangent as a function of frequency for a 150 nm thick
PbZr0.2Ti0.8O3 device obtained at 300 K.

as the device gets wire bonded, the platinum pad for the top electrode contact runs over
the SiNx to contact the top SrRuO3 without shorting with the bottom electrode (see the
highlighted region in Figure 3.1b).

Prior to any electrothermal measurements, we investigate the room-temperature
current-voltage, ferroelectric, and dielectric response of the thin-film heterostructures.
Current-voltage measurements reveal that the devices exhibit a symmetric and highly-
resistive response (RFE > 108 Ohms) and that the electrode contacts are rectifying,[168]
altogether confirming the high-quality, low-leakage characteristics of the heterostructures
(Figure 3.2a). Ferroelectric hysteresis loops are measured between 0.033 and 1000 Hz (Figure
3.2b), and the devices exhibit a robust ferroelectric response with low-loss, square ferroelec-
tric hysteresis loops, large remnant polarization (Pr ≈ 77 µC cm−2), and loop closure even
at the lowest measurement frequencies; again confirming the excellent quality of the ferro-
electric films and devices. Low-field dielectric permittivity measurements are also conducted
on the same devices (Figure 3.2c). A near-frequency-independent value of the dielectric
permittivity (∼ 248 ± 2.7) is measured across the frequency range of 102 - 105 Hz at room
temperature, consistent with expectations for these heterostructures.[81]

3.3 Theory of Measurement

3.3.1 Pyroelectric Effect

The pyroelectric measurement (Figure 3.3a) relies on the application of a sinusoidally-
varying current [IH,1ωH = I0H cos(ωHt)] at frequency ωH across the outer thermal probe
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Figure 3.3: (a) Schematic of the setup for pyroelectric and 3-omega measurement. (b)
Schematic of the relationship between the applied heating current [IH(t)] at angular fre-
quency 1ωH , dissipated power [QH(t)], and the resulting temperature oscillation [TH(t)] of
the metal heater line at 2ωH . (c) Schematic of the temperature field during a pyroelectric
measurement and a simplified thermal circuit.(d) Measured temperature oscillation θFE and
thermal phase lag φ between the heating current (and, therefore, the dissipated power) and
the temperature change in the ferroelectric as a function of frequency.

pads. The driving current at frequency ωH dissipates power equal to I2
H,1ωH

R0 =
1
2
I2

0H [1 + cos(2ωHt)], where R0 is the resistance of the heater line (∼ 30 Ohms). Because the
response in the thermal domain is linear, periodic Joule heating causes a temperature rise of
the line at dc (θdc) and ac with amplitude θH at a frequency 2ωH (Figure 3.3b), and a phase
lag (φ) that is determined by geometry and material properties (i.e., thermal conductivity
and specific heat capacity).

θ = θdc + θHcos(2ωHt+ φ) (3.3)

This oscillating temperature causes the resistance of the line to vary asR = R0(1+αθ),
where α is the temperature coefficient of resistance. Finally, when mixed with the input
current, the resulting voltage drop across the line is, according to Ohm’s Law,
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V = R0I0Hcos(ωHt)[1 + αθdc] +
R0I0H

2
αθHcos(ωHt+ φ) +

R0I0H

2
αθHcos(3ωHt+ φ) (3.4)

Using a lock-in amplifier (Stanford Research, SR830), we measure the third harmonic
of the voltage signal and thus determine the average heater temperature amplitude as[169]

θH = 2
V3ω

R0I0Hα
= 2

dT

dR

V3ω

I0H

(3.5)

where V3ω is the amplitude of the third harmonic voltage.

For a simple heater-on-substrate geometry, the heat generated in the top metal heater
line diffuses into the substrate a characteristic distance (often referred to as penetration depth
or thermal wavelength) defined as[170]

λS =

√
DS

2ωH
(3.6)

where DS is the thermal diffusivity of the substrate. The heating frequency was
chosen so that the heat completely propagates through the film stack while still ensuring
that the substrate remains semi-infinite such that the thermal waves completely dampen
within the substrate (Figure 3.3c). Thus, the natural bounds on the thermal wavelength
are λFE > 3dFE and λS < 1

3
dS, where the subscripts FE and S denote the ferroelectric

film and substrate, respectively, and d is the thickness of the relevant component. Key to
the sensitivity and accuracy of this approach is the fact that the thermal impedance of the
top thermal circuit ZT (comprising the heater line, the electrical insulator and the top oxide
metal electrode) is much smaller than that of the bottom circuit ZB (comprising the bottom
oxide metal electrode and the substrate), thereby minimizing the error between θH and θFE

The measured θH and the thermal flux (qH) into the heterostructure (i.e., the ac
power dissipated per unit area of the heater) are used with a one-dimensional thermal trans-
port model[171] to calculate θFE (see Appendix B for details). This scheme is applied to
calculate θFE at 5 equally-spaced nodes within the ferroelectric layer. We found that the
difference in the temperature amplitude between the top (just below the ferroelectric and
top electrode interface) and bottom nodes (just above the ferroelectric and bottom electrode
interface) corresponds to 1.6% of the average θFE. Hence, any tertiary PEE[172] induced by
temperature gradients in the film can be neglected and we can use the lumped parameter
approach where the ferroelectric layer is considered to be isothermal at any instant. A sim-
ilar approach[27] calculates θFE using qH and works from the bottom of the substrate up to
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the ferroelectric layer. We, however chose to work from the top down so as to maximize the
number of measured quantities in the model to compensate for any unideal deviation from
theory.

The mean temperature oscillation of the ferroelectric, averaged across the 5 nodes,
θFE, as a function of frequency is thus extracted and plotted (Figure 3.3d). It can be seen
that θFE decreases and the phase between the dissipated power (as a result of heating)
and the temperature (φ) increasingly lags as the frequency of ac heating current on the top
metal line increases (Figure 3.3d). The phase lag behaves as expected, approaching 0◦ and
-17.5◦ in the low- and high-frequency limits, respectively, reflecting the gradual transition
from cylindrical to one-dimensional heat transport. Determination of thermal phase lag is
particularly important for extracting iP which can be convoluted with thermally-stimulated
currents that are in-phase with the temperature change.

With the known thermal state of the heterostructure in response to periodic Joule
heating, we can proceed to extract iP and π. The current is measured through the bottom
electrode using the current input (106 V/A gain) of a lock-in amplifier (Stanford Research,
SR830) (Figure 3.3a). The top electrode is held at ground potential which shields any
capacitive coupling between the heating and the ferroelectric measurement circuits. Since iP
is proportional to the rate of change of temperature, it leads the temperature change by 90◦,
and is extracted by taking the component of the measured total current which is out-of-phase
(leads by 90◦) with the temperature change.[24, 25] Thereafter, π can be calculated using
the formula, iP = Aπ dT

dt
.

3.3.2 Electrocaloric Effect

Measuring the ECE relies on the ability to sense small temperature changes when an
electric field is applied and removed across the ferroelectric. A sinusoidally-varying electric

field, E =
(

V0
dFE

)
sin(ωEt), when applied to the bottom electrode of the ferroelectric capacitor

as depicted (Figure 3.4a), results in an adiabatic temperature change via the ECE

∆Tad =

∫ E2

E1

(
T

C(T,E)

)
E

ΣdE (3.7)

The temperature change via the ECE, unlike the case of Joule heating which happens
at DC and 2ω, happens at ω. This can be understood by calculating the ECE power (QE)

QE = C(T,E)AdFE
dT

dt
(3.8)
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of voltage cycling across the ferroelectric for an assumed Σ = 100 µC m−2 K−1 and an applied
electric field amplitude of 50 kV cm−1.
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where A is the area of the heat source (ferroelectric layer). Using equation (3.7), equation
(3.8) can be simplified to

QE = TΣAωEV0E cos(ωEt) (3.9)

Hence, the electrocaloric power and the resultant temperature change occur at the
same frequency, ωE (Figure 3.4b). Power dissipation due to Joule heating on the other hand
is given by

QJ =
V 2

0E

2RFE

(1− cos(2ωEt)) (3.10)

where RFE is the resistance of the ferroelectric. Thus, Joule heating still happens at DC and
2ωE thereby making ECE measurements in the frequency-domain at ωE effective in filtering
out contributions from Joule heating.

The temperature oscillation of the top sensor line (θSensor) can be related to the
ECE power from the underlying ferroelectric film (QE) via a generic thermal transfer function
in the frequency domain, Z[173]

θSensor(t) = Q0E [Re(Z) cos(ωEt) + Im(Z) sin(ωEt)] (3.11)

where Q0E = TΣAωEV0E from equation (3.9). This temperature change perturbs the elec-
trical resistance of the top metal heater/sensor line as

RSensor = R0,Sensor [1 + α∆TDC + αθSensor] (3.12)

where R0,Sensor is the resistance of the sensor line at 300 K (∼ 10 Ohms) and α is the
temperature coefficient of resistance. To sense the temperature in the top metal line, a
sensing signal of the form VS sin(ωSt) is applied across the outer thermal pads (Figure 3.4a).
The voltage source is converted to a current source by inclusion of a ballast resistor (RB,
which is 102 times larger than RSensor) in series. Other approaches include the use of a
commercially-available AC current source (for example, Keithley 6221A) or a custom-built
V-to-I circuit using operational amplifiers.[174] Voltage (VA) is measured across the inner
pads of the thermometer and has a form
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VA =
VS sin(ωSt)

RB +RSensor

RSensor (3.13)

Since RB
RSensor

≥ 102, using equation (3.11) and (3.12), equation (3.13) can be expressed as

VA =
VS sin(ωSt)

RB

RSensor[1 + α∆TDC +

αQ0E(Re(Z) cos(ωEt) + Im(Z) sin(ωEt))] (3.14)

The response frequencies ωS ± ωE (due to the product of two sinusoidal functions)
contain the information regarding the temperature oscillation of the sensor. The voltage
signal corresponding to ωS is particularly large and can be 1000-times larger than the one
corresponding to ωS ± ωE resulting in a significantly larger background. Therefore, a com-
mon mode cancellation circuit using a Wheatstone bridge has been implemented in our
measurement scheme (Figure 3.4a). The sensing signal is simultaneously applied across a
potentiometer which is adjusted such that the resistance of the potentiometer RP ≈ R0Sensor

and, therefore, the voltage drop (VB) across RP nullifies the ωS component of the differential
voltage (VA−VB) that is fed to the lock-in amplifier. Note that the ωS±ωE signal only comes
from the temperature-dependent response due to the ECE (RSensor) and is absent in the po-
tentiometer (RP ). Therefore, only the ωS background is attenuated and the measurement
of the much smaller ωS ± ωE signal becomes possible.

The measured differential voltage (VωS±ωE) is related to the temperature oscillation
of the top sensor via[167, 169]

θSensor = 2
1

αVωS
VωS±ωE (3.15)

This temperature change of the top sensor line is used to calculate Σ as well as the average
temperature oscillation in the ferroelectric, θFE. This requires knowledge of the volumetric
power generation (G) created by the entropy change and can be related to Σ as[35]

G = T
dS

dE

dE

dt
= TΣ

(
V0E

dFE

)
ωE cos(ωEt) (3.16)

The resulting heat flux can be determined from the measured temperature change
on the top sensor line and the thermal properties of all the layers in the heterostructure. Due
to the ECE, heat flux is generated homogeneously in the ferroelectric and diffuses in both
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directions (i.e., into the substrate and into the top sensor line). To model this heat transport,
we solve a 1D problem for the heat flux generated in each differential thickness (dz) at a
height z in the ferroelectric.[35] We defined G to be the power generated per unit volume
and note the differential flux dqtot generated from each volume is dqtot = Gdz. The total
temperature oscillation sensed by the metal sensor is the sum of the contributions from the
entire thickness of the ferroelectric (Figure 3.4c). This is a continuous domain, so summation
is replaced by integration and the amplitude of the temperature oscillations sensed by the
metal line is defined by

θSensor = G

∫ dFE

0

ξdz (3.17)

where ξ is an algebraic expression calculated using the elements of the thermal transport
matrices and the appropriate boundary conditions (see Appendix B for details). Using
equation (3.16), equation (3.17) simplifies to

θSensor = TΣ

(
V0E

dFE

)
ωE cos(ωEt)

∫ dFE

0

ξdz (3.18)

Equation (3.18) allows the calculation of Σ from the measured value of θSensor. Further,
the average temperature oscillations of the ferroelectric, θFE, can be calculated using a
similar approach to find the temperature amplitudes at the top and bottom surface of the
ferroelectric then taking their average.

In our measurements, high-frequency electric-field oscillations are required to gen-
erate enough flux to produce measurable temperature change. The effect of driving
frequency on the resulting temperature change on the top sensor line, for an assumed
Σ = 100 µCm−2K−1 and an applied electric field oscillation of 50 kV cm−1, is calculated
from the above thermal models and shown for reference (Figure 3.4d). It can be seen that
at lower frequencies (< 3 × 106 Hz), the temperature change on the top metal sensor is
limited due to low thermal flux [refer to equation (3.18)]. At high frequencies (> 3 × 106),
the temperature change diminishes due to the limited thermal-penetration depth, placing an
upper limit on the frequency range of the experiment. It is, Therefore, desirable to perform
ECE measurements at frequencies in the range close to 2× 105 − 1× 106 Hz.
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3.4 Results and Discussion

3.4.1 Pyroelectric Measurements

Following the theory of pyroelectric measurement in section IIIA (Figure 3.3), the
power spectrum of the measured total current (iTotal) is provided (Figure 3.5a) for a heating
current (IH,1ωH ) equal to 16 mA at 1 kHz. It can be seen that a dominant current peak occurs
at frequency 2ωH as a result of the temperature oscillations at the same frequency in the
ferroelectric due to the driving current at 1ωH in the heater line (inset, Figure 3.5a). It should
be noted that the presence of the electrically-insulating SiNx layer and electrical shielding
via the top electrode reduce, but do not completely suppress, the capacitive coupling. This
manifests as the observed response at ωH (Figure 3.5a); however, our ability to measure iP
(measured at 2ωH frequency) is not affected by the non-zero capacitive coupling. The basis
of this argument is twofold. First, measurements with zero heating, but with capacitive bias
across the heterostructure, yield 2ω current which is ∼103 smaller than the case when heating
occurs in conjunction with the capacitive bias. Second, we measured the total current with
the polarization of the ferroelectric in the up-poled state (iup) and the down-poled state
(idown). Since the switching of the polarization only reverses the direction of iP (manifested
as a phase reversal by 180◦) and does not change the capacitively-coupled parasitic current,
iup and idown can be expressed as

iup = iP + iParasitic , (3.19)

idown = −iP + iParasitic (3.20)

By taking the sum and difference of equations (3.19) and (3.20), we are able to
subtract out any contribution due to parasitic-coupling which constitutes less than 4% of
the total measured current. These two checks confirmed that the current due to parasitic
capacitance is negligible. This, however, does not prove that the current is completely
pyroelectric in origin. Our measurements show that the measured current leads the actual
temperature change in the ferroelectric (Figure 3.3d) by∼ 90◦ (Figure 3.5b). Deviations from
the expected phase can be attributed to thermally-stimulated currents which flow in-phase
(zero lag) with the temperature change. The real iP is extracted by taking the component
of the total current which is out-of-phase with the temperature change and is plotted as a
function of the frequency of heating current (red circles, Figure 3.5c). Apparently π has a
frequency dependence (black squares, Figure 3.5c). At low frequencies (< 4 Hz), π is seen
to begin to converge to a value of ∼ 280 µCm−2K−1, while at higher frequencies (> 500
Hz) it asymptotes to a lower value of ∼ 195 µCm−2K−1. This reduction (∼ 30%) can be
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Figure 3.5: Pyroelectric measurements of PbZr0.2Ti0.8O3 thin film. (a) Measured total cur-
rent (iTotal) in the frequency-domain and time-domain (inset) for an applied heating current
(IH,1ωH ) equal to 16 mA at a frequency of 1 kHz. (b) Phase relationship of the measured
current (at 2ωH) and the temperature oscillation (also at 2ωH) with respect to the phase of
the applied heating current depicting that the measured current leads the temperature oscil-
lation by ∼90◦. (c) Measured pyroelectric current and pyroelectric coefficient as a function of
heating frequency. At low frequencies (<4 Hz), π →

(
∂P
∂T

)
E,σ

, while at high frequencies (>500

Hz) π →
(
∂P
∂T

)
E,ε

due to secondary contribution to pyroelectricity (reduction by ∼30%). (d)

Pyroelectric hysteresis loops as a function of background DC electric field, at 1 kHz.

explained by the secondary contribution[4] to the total pyroelectricity due to the thermal
expansion mismatch between film and substrate and the resulting thermal-stress-induced,
piezoelectric-driven polarization change. At low frequency, the thermal penetration depth
(λS) is large compared to the lateral dimensions of the device, therefore, the ferroelectric
film expands and contracts in-plane with the substrate. As a result, the total π under a
constant stress boundary condition can be expressed as

π =

(
∂P

∂T

)
E,σ

=

(
∂P

∂T

)
E,ε

+

(
∂P

∂σ

)
E,T

(
∂σ

∂ε

)
E,T

(
∂ε

∂T

)
E,σ

(3.21)

At higher frequencies, the lateral dimensions of the film do not change as the
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film is clamped to the substrate which cannot expand laterally due to the reduced ther-
mal penetration depth. Therefore, the contribution from the lateral thermal expansion(
∂P
∂σ

)
E,T

(
∂σ
∂ε

)
E,T

(
∂ε
∂T

)
E,σ

is suppressed and the magnitude of π decreases.

Changes in temperature not only change the permanent dipole moment (intrinsic
portion of primary pyroelectricity), but also alter the dielectric permittivity and hence the
surface charge density under an applied electric field. Particularly near a dielectric anomaly
(for example, near a phase transition), the dielectric constant changes sharply with tem-
perature and can result in either a significant suppression or enhancement of iP depending
upon the poled-state of the ferroelectric. Full characterization of π therefore requires one to
measure iP as a function of background electric field. In our measurements, this is achieved
by applying a constant bias voltage to the top electrode while the bottom electrode remains
connected to the input of the lock-in amplifier. The measured pyroelectric hysteresis loops
are provided (Figure 3.5d). When the ferroelectric is up-poled, increasing the temperature
results in a “positive” iP (red data, Figure 3.5d). With increasing positive bias (greater than
the coercive field) on the top electrode, the polarization switches and causes iP to reverse
its direction (blue data, Figure 3.5d). When the direction of electric field bias is reversed
(i.e., negative bias greater than the coercive field is applied), the polarization switches back
and iP reverses direction again, giving a characteristic hysteresis-like pyroelectric loop. It
should be noted that the slope of iP vs. electric field is close to zero away from the switching
near the coercive fields indicating that the contribution from the temperature-dependent
dielectric permittivity is negligible as the dielectric permittivity does not change strongly
with temperature far from the transition temperature (TC > 450◦C).

3.4.2 Electrocaloric Measurements

Measurements were performed on the same device on which the pyroelectric mea-
surements were conducted. The frequency (ωE) of the applied electric field of magnitude(
V0E
dFE

)
= 50 kV cm−1 was chosen to be 98,147 Hz while that of the sensing voltage (ωS) was

chosen to be 2,317 Hz with a magnitude VS = 7.07 V . The choice of frequency was deter-
mined so as to avoid any resonance between the signal to be measured and power supply
noise (harmonics of 60 Hz) or any higher-order harmonics of the sensing signal frequency. A
full frequency-domain voltage response is plotted (Figure 3.6a). As discussed above, the ECE
response in the frequency-domain occurs at ωS − ωE and ωS + ωE corresponding to 95,830
and 100,464 Hz. This can be clearly seen against the low background (insets, Figure 3.6a).
To further validate our technique, we performed the same measurement with varying mag-
nitudes of applied electric field. We note that the magnitude of the maximum electric field
never exceeded the coercive field of switching for the ferroelectric so that the ECE response
(change in temperature) remains linear with applied electric field [refer to equation (3.18)].
The average temperature change in the ferroelectric layer is found to scale linearly with the



46

-75 -50 -25 0 25 50 75
-20

0

20

40

60

80

 
Σ
 (

µ
C

/m
2
K

)

DC Electric field (kV/cm)

-0.008

-0.004

0.000

0.004

0.008

θ
F

E (
K

) P

P

96,000 98,000 100,000
10

-7

10
-6

10
-5

10
-4

10
-3

10
-2

10
-1

A
-B

 (
V

)

Frequency ω /2π (Hz)

2x10
-6

4x10
-6

2x10
-6

4x10
-6

ω
E
−ω

S

(a)

ω
E
+ω

S

20 30 40 50 60
0.000

0.002

0.004

0.006

0.008

0.010

θ F
E
 (

K
)

Electric field magnitude (kV/cm)

0

20

40

60

80

100

120

E
C

E
 C

o
e

ff
ic

ie
n

t 
Σ

 (
µ

C
/m

2
K

)(b) (c)

Figure 3.6: Electrocaloric measurements of PbZr0.2Ti0.8O3 thin film. (a) Measured differen-
tial voltage across the top metal sensor in the frequency-domain for an applied electric field
of magnitude 50 kV cm−1 at a frequency ωE/2π equal to 98,147 Hz and a sensing voltage VS
equal 7.07 V at a frequency ωS/2π equal to 2,317 Hz. Inset shows the voltage response at
frequency ωS − ωE and ωS + ωE which is a measure of the change in the resistance and thus
θSensor of the top metal. (b) Average measured temperature oscillation in the ferroelectric
(θFE) due to the ECE and the resulting calculated value of Σ. (c) Electrocaloric loops as a
function of background DC electric field using an AC electric field amplitude of 50 kV cm−1.
Up-poled state (red) results in the positive ECE while the down-poled state (blue) results
in the negative ECE.

applied electric field (red squares, Figure 6b). While frequency-selective measurements at
ωS ± ωE inherently remove any Joule heating that happens at ωS ± 2ωE, this measurement
additionally proves that the ECE response is free from Joule heating which would have
caused θFE to scale quadratically with the driving electric field. Using the thermal transport
model explained above, Σ has been extracted from the measured temperature change of the
top metal sensor line (black circles, Figure 3.6b). A near-field-independent value of Σ is
calculated; further proving the linearity of the response in the electric-field regime without
any polarization switching. We do observe slight deviations at very low magnitude of electric
field which correspond to low signal to noise ratio.

We further measured the ECE response as a function of background DC electric
field (Figure 3.6c), and, similar to the PEE, a hysteresis-like ECE loop is measured. Posi-
tive ECE is the increase/decrease in the temperature of the material when an electric field
is applied/removed. This is often the case in dielectrics or ferroelectrics above the Curie
temperature. Tetragonal ferroelectrics such as PbZr0.2Ti0.8O3 below the Curie temperature,
however, can exist in either of two stable polarization states. It is the relative direction
of the polarization vector and the electric field vector that determines the nature (whether
positive or negative) of the ECE. When the ferroelectric is up-poled, applying an electric
field parallel to the direction of polarization such that the application of field further re-
inforces the electrical dipoles results in a positive ECE (red data, Figure 6c). Application
of negative electric field greater than the coercive field results in polarization switching. In
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this down-polarized state, the positive electric field excitation (which is now anti-parallel to
the direction of polarization) tends to misalign the dipoles thereby increasing the dipolar
entropy and hence decreasing the temperature. In this regime, the ECE is negative (blue
data, Figure 3.6c). It is worth mentioning that Joule heating, which under zero background
electric field occurs only at DC and 2ωE, has a component at ωE under a finite background
electric field

QJ =

(
V 2

0E

2RFE

+
V 2
DC

RFE

)
+

2V0EVDC
RFE

sin(ωEt)

− V 2
0E

2RFE

cos(2ωE) (3.22)

Should Joule heating be significant, the measured voltage response at ωS ± ωE will have
contributions from Joule heating and the shape of the ECE loop will no longer be square-
like and the otherwise constant temperature change and Σ (zero slope) exhibit a finite slope
(proportional to (2V0E

RFE
) with increasing temperature change with applied background electric

field. Our data (in Figure 3.6c) does not show any measurable slope under background
electric field suggesting a highly insulating device as suggested by the measured electrical
properties (Figure 3.2).

3.5 Sensitivity Analysis

The thermal model used for the PEE measurements is not sensitive to any material
parameter due to the thin layers and low frequencies. Instead, the predominant error in the
calculation of the average temperature change in the ferroelectric comes from the calculation
of the heater temperature from the 3-omega equations.

To evaluate the accuracy of the ECE measurement due to propagation of errors
from the various thermophysical properties, we quantify the sensitivity of the measured
temperature response of the top metal line sensor (during ECE measurement) in the thermal
model as[175]

STx =
∂ lnθ

∂ lnx
(3.23)

where x is one of the parameters (e.g., thermal conductivity, specific heat capacity, thickness
of a particular layer) in the thermal model. With this definition of sensitivity, a value of
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Figure 3.7: Sensitivity of the calculated electrocaloric temperature change at the top metal
sensor, θSensor as a function of selected parameters in the thermal model as function of
frequency of electric field cycling for a 150 nm PbZr0.2Ti0.8O3 heterostructure.

S = −0.1, for example, means that a 10% increase in parameter x will result in a 1% decrease
in θ. Equation (3.23) is evaluated for the following layer properties: thermal conductivity
k, volumetric heat capacity C, and layer thickness d as function of frequency (Figure 3.7).
At low frequencies (3 < ×105 Hz), ECE measurements are most sensitive to k and C of the
substrate while at high frequency (3 > ×105 Hz), C and d of SiNx and PbZr0.2Ti0.8O3 are
the most important parameter.

3.6 Conclusion

In conclusion, I demonstrated a reliable technique for direct measurement of the
PEE and ECE in thin films using a microfabricated electrothermal test platform. Periodic
heating via the top metal line resulted in localized heating of the ferroelectric and, in turn, in
a flow of an external current which was separated into pyroelectric and thermally stimulated
currents using frequency-domain phase-sensitive detection. Further, wide-frequency range
measurement depicted the role of the secondary contribution to PEE (∼ 30%) due to sub-
strate clamping. The same device was used to measure ECE where high frequency electric
field oscillation across the ferroelectric resulted in the EC temperature change which was
sensed by the same top metal line now functioning as a resistance thermometer. Frequency-
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domain measurements allowed decoupling of Joule heating from the ECE. Using 1-D heat
transport models, the thermal state of the heterostructure was characterized during the
measurement of the PEE and the ECE to extract π and Σ.
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Chapter 4

Effect of Ferroelastic Domains on
Electrothermal and Electromechanical
Susceptibilities

In this Chapter, I will investigate the role of epitaxial strain and, in turn, the effect
of ferroelastic-domain structures on the electrothermal (both PEE and ECE) and electrome-
chanical susceptibility in thin films of the canonical tetragonal ferroelectric PbZr1−xTixO3

system. Using a combination of scanning-probe-based microscopy, X-ray diffraction, and
phase-field modeling, I will first discuss how epitaxial strain (both compressive and ten-
sile) governs the evolution of ferroelastic domain structure. In particular, I will report on a
novel strain-induced domain-structure instability and competition where an external pertur-
bation (temperature and electric field) can provide a route to enhanced electrothermal and
electromechanical susceptibility.

Using the high-frequency heating and temperature-sensing capability of an inte-
grated thin-film device architecture (as discussed in Chapter 3), the domain-structure con-
tributions (the so-called “extrinsic” contributions) to the electrothermal susceptibilities that
arise exclusively from the temperature- and field-dependent changes in the ferroelastic do-
main population will be isolated. In particular, I will focus on the hierarchical mixed-phase
domain structure where the facile interconversion among different ferroelastic variants can
result in significant enhancement of the electrothermal susceptibility. Further, using band-
excitation piezoresponse spectroscopy with acoustic detection, I will show how the inherent
competition between the ferroelastic variants results in a two-step, three-state switching
process resulting in large electromechanical strains and large variations in elastic modulus.
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4.1 Introduction

The complex interplay between the various thermodynamic forces [electric-field (E),
temperature (T ), and stress (σ)] and the displacements [polarization (P ), entropy (S), and
strain (ε)] in ferroic materials enables electrothermal and electromechanical susceptibilities
useful for a range of applications.[14, 176, 177] Key to such applications is the ability to
manipulate and control the T−, E−, or σ−dependence of P , S, or ε in ferroic materials.
Typically, large electrothermal and electromechanical susceptibilities have been achieved by
perching the material in the vicinity of a phase transition[42] driven either by chemistry[178,
179] or temperature[30, 180] where most ferroic susceptibilities diverge. Large response can
also arise at chemically-induced phase boundaries (i.e., morphotropic phase boundaries)
where interconversion of nearly degenerate phases is possible. At such boundaries, applica-
tion of an appropriate stimulus (E, T , or σ) allows one to control the constituent phase frac-
tions thereby providing an extrinsic mechanism that can enhance the ferroic susceptibilities.
For instance, a temperature-induced monoclinic-to-tetragonal phase transition, resulting in
a rotation of polarization, has recently been shown to enhance the pyroelectric susceptibility
in (1-x)PbMg1/3Nb2/3O3-xPbTiO3 (x = 0.27-0.35).[178] Similarly, enhanced electromechan-
ical response has been found in PbZr1−xTixO3 (x = 0.48), (1-x)PbMg1/3Nb2/3O3-xPbTiO3

(x = 0.295),[63] rare-earth doped BiFeO3,[181–183] and other systems.[184]

More recently, advances in the growth of ferroic thin films[58, 159] has provided
epitaxial strain as another route by which to control ferroic susceptibilities by altering ferro-
electric order[56, 57, 185] and manipulating ferroelastic-domain structures.[65, 186, 187] The
role of such domain structures in controlling the electrothermal susceptibilities, however, has
remained comparatively understudied in part due to experimental challenges (as noted in
Chapter 3) which have, instead, driven almost all the work to date to be done via mod-
eling including phenomenological Ginzburg-Landau-Devonshire-based thermodynamic for-
mulations[81–83] and phase-field studies.[84, 85] Similarly, the electromechanical response
in systems exhibiting strain-induced structural/domain-variant competition has remained
less pervasive with most work focusing on the electromechanical response in strain-induced
coexisting tetragonal and rhombohedral phases in BiFeO3.[65, 188] Thus, it is desirable to
explore alternate strain-based pathways with a potential for large field-driven response.

4.2 Evolution of Ferroelastic Domain Structures with

Epitaxial Strain

Analytical phenomenological and phase-field models have been used to predict the
strain and field evolution of domain structures in numerous ferroelectrics.[189–193] In tetrag-
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Figure 4.1: Analytical phenomenological modeling-based temperaturestrain phase diagram
revealing the stability regimes for c, c/a, and a1/a2 domain structures. Strain positions for
the substrates used are shown as dashed lines.

onal PbZr1−xTixO3 system specifically, a systematic evolution from monodomain and out-of-
plane polarized c domains at large compressive strains, to polydomain c/a domain structures
(consisting of alternating c domains and in-plane polarized a domains) at small compressive
or tensile strains, and finally to completely in-plane polarized a1/a2 domains at large tensile
strains has been predicted and observed (Figure 4.1).[81, 194, 195] Beyond these structures,
phase-field models have suggested a complex domain structure coexistence near the c/a -
a1/a2 boundary.[192] Such domain-structure coexistence is reminiscent of phase competition,
and thus, could provide routes to enhanced electrothermal and electromechanical suscepti-
bilities.

4.2.1 Synthesis and Structural Characterization

Pulsed-laser deposition was employed to grow 40 nm thick PbTiO3 films on SrTiO3

(001), DyScO3 (110), GdScO3 (110), and SmScO3 (110) substrates corresponding to lattice
misfit strains of -1.3%, -0.2%, 0.3% and 0.7%, respectively (note that all values are relative to
the pseudocubic lattice parameter of PbTiO3; dashed lines, Figure 4.1). Following growth,
detailed X-ray diffraction patterns were obtained for all the heterostructures. θ-2θ scans
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DyScO3 (110), GdScO3 (110), and SmScO3 (110) substrates.

(Figure 4.2) show that the films are phase-pure and the orientation of the film systematically
evolves with the substrate-induced epitaxial strain. Films grown under compressive strain as
is the case on SrTiO3 (001) and DyScO3 (110) substrates (orange and blue data, respectively,
Figure 4.2) reveal a single film peak corresponding to 001-oriented (c domain) PbTiO3. Note
that there is no peak corresponding to the a domains on these substrates, as they are expected
to be highly tilted with respect to the substrate surface. For films grown on GdScO3 (110)
substrates, with small tensile strain (∼0.3%), peaks corresponding to both 001- and 100/010-
oriented PbTiO3 (i.e., both c and a domains, respectively) are observed (green data, Figure
4.2). Lastly, PbTiO3 films grown on SmScO3 (110) substrates (corresponding to a tensile
strain of ∼0.7%) are found to be almost entirely 100-oriented PbTiO3 (red data, Figure 4.2).

More insights into the structure of these heterostructures can be gained from sym-
metric X-ray reciprocal space mapping (RSM) studies (Figure 4.3) about the 001-diffraction
condition for films grown on SrTiO3 substrates, and about the 110-diffraction condition for
films grown on the various orthorhombic scandate substrates. PbTiO3/SrTiO3 heterostruc-
tures reveal an intense peak (labeled PbTiO3 001, Figure 4.3a) corresponding to a nearly
monodomain c domain structure, with a very small a-domain fraction (identified as the
faint streak highlighted in the white box). For heterostructures grown on DyScO3 (110)
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c/a domain structure), and (c) the SmScO3 110-diffraction condition (showing a1/a2 domain
structures).

substrates, a significantly higher peak intensity corresponding to the tilted a domains is ob-
served, which, in combination with the untilted c domain peak, is characteristic of a dense
c/a domain structure (Figure 4.3b). For heterostructures grown on SmScO3 (110) substrates,
a single peak (labeled PbTiO3 100) corresponding to the a-domains is observed, indicative
of an almost entirely a1/a2 domain structure (Figure 4.3c). However, for heterostructures
grown on GdScO3 (110) substrates, 3D-RSMs reveal the hierarchical architecture comprised
of a nanoscale mixture of a highly-tilted c/a domain structures and untilted a1/a2 domain
structures (Figure 4.4). An RSM about the 110-diffraction condition of the GdScO3 substrate
reveals film peaks corresponding to 00l -oriented c domains (out-of-plane lattice parameter
of 4.104 Å, crystallographic tilt of 1.17◦), and two versions of in-plane polarized a domains:
(1) an untilted variant (corresponding to the classic a1/a2 structure, with out-of-plane lat-
tice parameter of 3.926 Å) and (2) a tilted variant (corresponding to the a domains in the
c/a structure with an out-of-plane lattice parameter of 3.911 Åand a crystallographic tilt of
0.65◦).

The structure of all the heterostructures was also probed using scanning-probe-
based studies of topography (Figure 4.5a-d) and piezoresponse force microscopy (PFM, ver-
tical amplitude, inset Figure 4.5e-h; lateral amplitude, insets Figure 4.5e-h). In all cases
the films were found to be single-phase, but the surface topography and the corresponding
domain structures were dramatically different. Consistent with the expectations of analyti-
cal phenomenological models, the topography and domain structure of the PbTiO3/SrTiO3
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Figure 4.4: 3D, synchrotron-based RSM about the 110-diffraction peak of the GdScO3

substrate (capturing 001-diffraction peaks of the PbTiO3) indicating the extracted lattice
parameters and crystallographic tilts.

(Figure 4.5a and 4.5e) and PbTiO3/DyScO3 (Figure 4.5b and 4.5f) heterostructures reveal
predominantly c and c/a domain structures, respectively, wherein the a domain fraction in-
creases with decreasing compressive strain. Similar studies of PbTiO3/GdScO3 heterostruc-
tures (Figure 4.5c and 4.5g), however, reveal the emergence of a complex hierarchical do-
main architecture consisting of a mixture of c/a and a1/a2 domain structures that is not
predicted in analytical phenomenological models. Further increasing the tensile strain, the
PbTiO3/SmScO3 heterostructures (Figure 4.5d and 4.5h) show an a1/a2 domain structure
which has a small fraction of c/a domains indicating its nearness to the phase boundary
between the hierarchical regime and the regime of a1/a2 domain structure (inset, Figure
4.5h).

Detailed analysis of the topography (Figure 4.6a) and PFM (Figure 4.6b and 4.6c)
studies of the PbTiO3/GdScO3 heterostructures reveal the nature of the hierarchical-domain
architecture. Two distinct regions are observed. First, the regions with elevated, saw-tooth-
like topography and domain walls along the <100>pc (schematic inset, Figure 4.6b) are
found to be a type of distorted c/a domain structure. A line trace across this band (inset,
Figure 4.6a) reveals that the c and a domains are tilted by ∼1.17◦ and ∼0.75◦ relative to
the substrate surface, respectively. The second region, corresponding to the recessed, flat
topography, exhibits reduced out-of-plane and enhanced in-plane piezoresponse with 90◦ do-
main walls along the <110>pc (Figure 4.6c); typical of a1/a2 domain structures (schematic
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Figure 4.5: Topography (a-d) and out-of-plane piezoresponse amplitude (in-plane piezore-
sponse amplitude as inset) (e-h) of PbTiO3 films grown on SrTiO3 (a,e), DyScO3 (b,f),
GdScO3 (c,g), and SmScO3 (d,h) substrates.

inset, Figure 4.6c). Further insights into the various components of the hierarchical-domain
architectures can be obtained by comparing features in the nanoscale topography and piezore-
sponse images with 3D, synchrotron-based RSM studies. These tilt angles match well with
the scanning-probe-based measurements for the different regions (inset, Figure 4.6a). Addi-
tionally, the large difference in the out-of-plane lattice parameters of the a domains within
the c/a and the a1/a2 domain structures is indicative of a complex strain accommodation
in these hierarchical-domain architectures.

4.2.2 Mechanism Behind the Coexistence of Mixed-Phase
Domain Structures

To understand the energetics and the nature of strain distribution in the
hierarchical-domain architectures, and to illuminate the mechanism behind the formation
of this complex structure, phase-field models were employed. Briefly, in the phase-field mod-
eling of the single-layer PbTiO3 thin films, the evolution of the polarization was obtained by
solving the time-dependent Landau-Ginzburg-Devonshire (LGD) equations:
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Figure 4.6: (a) 3D representation of the topography of PbTiO3 hierarchical domain ar-
chitectures grown on GdScO3 (110). Inset shows line trace (red-dashed line) indicating the
topography and crystallographic tilts. (b) Vertical PFM (amplitude) response superimposed
on 3D representation of the topography of the hierarchical PbTiO3 domain structure. Inset
shows a schematic representation of the domain structure within a c/a region as indicated by
the shaded box. (c) Lateral PFM (amplitude) response superimposed on 3D representation
of the topography of the hierarchical PbTiO3 domain structure. Inset shows a schematic
representation of the domain structure within an a1/a2 region as indicated by the shaded
box.

∂Pi(x, t)

∂t
= −L ∂F

∂Pi(x, t)
, i = 1, 2, 3 (4.1)

where Pi is the polarization vector, x and t are position the time, and L is the
kinetic coefficient related to the domain-wall mobility. The contributions to the total free
energy F include the Landau bulk energy, elastic energy, electric (electrostatic) energy, and
gradient energy, i.e.,

F =

∫
(fLandau + fElastic + fElectric + fGradient)dV (4.2)
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Figure 4.7: Schematics of the lowest energy domain structures computed from the phase-
field studies for misfit strain values ranging from -2.5% to 2.5%.

Detailed expressions for each of the energy-density contributions, and the material
constants for PbTiO3 used in the simulations are collected from the literature and these
include the Landau potentials, elastic constants, electrostrictive coefficients, background
dielectric constants, and gradient energy coefficients.[191, 192, 196, 197]

3D phase-field simulations of PbTiO3 were done using a realistic 3D geometry
sampled on a fine grid mesh of (128∆x1)(128∆x2)(32∆x3) with ∆x1 = ∆x1 = ∆x1 = 1 nm.
The thickness of the substrate, film, and air are (10∆x3), (20∆x3), and (2∆x3), respectively.
Periodic boundary conditions are applied in the in-plane direction (x1 and x2) while the thin
film is simulated by properly choosing the mechanical and electrical boundary condition
along the out-of-plane direction (x3). Random noise is used as the initial setup to simulate
the thermal fluctuation during the annealing process.

The models were focused on the strain range from -2.5 to 2.5% to obtain the
lowest-energy structure (Figure 4.7). It can be seen that the domain structure evolves from
monodomain c (≤ -1%) to c/a (≈ -0.5 to 0%) with decreasing compressive strain. Moving
to tensile strain, at small values the nucleation of a1/a2 domain structures can be noted;
corresponding to the emergence of the hierarchical-domain architectures (≈ 0.2 to 0.8%).
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Figure 4.8: (a) Landau, (b) elastic, (c) electric, and (d) gradient energy contributions to
the total energy of the lowest energy structures computed from phase-field studies.

Further increasing the tensile strain causes an increase in the fraction of a1/a2 domain
structures within the hierarchical-domain architecture until eventually transforming into a
classical a1/a2 domain structure (≥ 1%).

The nature of the energy landscape can be gained by probing how the various
energies of the system (i.e., Landau, elastic, gradient, and electrostatic; Figure 4.8) evolve
with misfit strain. It can be seen that the Landau (Figure 4.8a) and the elastic (Figure
4.8b) energies are the two components primarily responsible for the evolution of the double
minima observed in the total energy landscape. The electrical (Figure 4.8c) and gradient
(Figure 4.8d) energies are, on the other hand, relatively flat in the mixed-phase region, but
otherwise monotonically increase with strain. The dominant energies are therefore the elastic
and Landau components and thus the focus is on the sum of these two energies within each
constituent domain structure.

This combined elastic and Landau energy (multi-color line, Figure 4.9a) combine
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a

b

c

d

Figure 4.9: (a) Strain-energy landscape (square points, black, solid curve) and the sum of
Landau and elastic energy density within the constituent domain structure (circles, dashed
line) including: c (blue circles), c/a (red circles), and a1/a2 (green circles). (b) Evolution
of domain fractions (%) with misfit strain. A hierarchical domain architecture of coexisting
c/a and a1/a2 is observed within a strain range of 0.2-0.8%.(c) Strain accommodation in the
different domain structures such that within the region of negative curvature (violet regions,
e.g. at 0.6% strain), the material partitions itself into two domains structures: c/a domains
at a strain of 0.1% (right inset) and a1/a2 domains at a strain of 1.35% strain (left inset). (d)
The resulting temperature-strain phase diagram showing the region of hierarchical domain
structure between c/a and a1/a2 regions.
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to drive the formation of the two local minima corresponding to monodomain c (-2.5 to -1%,
blue circles, Figure 4.9a) and the a1/a2 (1.0 to 2.5%, green circles, Figure 4.9a) domain struc-
tures. With decreasing compressive strain (-0.5 to 0.2%), a domains form in the c matrix,
reducing the combined elastic and Landau energies (red circles, Figure 4.9a) and producing
a classic c/a domain structure. With increasing tensile strain, the combined elastic and
Landau energies for both the c/a and a1/a2 domain structures are nearly equivalent; hence
they coexist (violet region, Figure 4.9a). In turn, the overall lowest strain-energy landscape
(black line, Figure 4.9a) is characterized by the presence of two local minima separated by
a region of negative curvature (akin to a strain-induced spinodal instability).[198, 199] It
can be seen that the hierarchical domain architectures are observed within this region of
negative curvature and this region corresponds to a strain-energy landscape which is nearly
degenerate. This coexistence, in turn, is found to be formed by a decomposition of the ma-
terial into two domain structures which effectively partitions the average biaxial strain by
forming the appropriate mixture of c/a domains (which stay clamped to an in-plane strain
of 0.1%) and a1/a2 domains (which exhibit strains between 1-2% with increasing tensile
strain) such that the overall strain balances to the value set by the substrate (≈ 0.2 to 0.8%,
Figure 4.9c). For instance, the hierarchical-domain architecture observed at a misfit strain of
0.6% results from a partitioning of the material into c/a and a1/a2 domain structures with
an in-plane strain of ∼0.1% and ∼1.35%, respectively (inset, Figure 4.9c). In this regime,
any change in epitaxial strain or, by extension, any external perturbation (e.g., electric field,
temperature, stress) can be accommodated by changing the relative c/aa and a1/a2 domain
fractions while keeping the total energy essentially unchanged. Said another way, by con-
straining the material with the appropriate biaxial strain conditions, it is possible to produce
structural competition between different domain structures (analogous to phase competition
in MPB systems) in single-phase PbTiO3. This approximate regime of hierarchical-domain
architectures can thus be represented on a revised temperature-strain phase diagram (Figure
4.9d).

4.3 Probing the Effect of Ferroelastic Domain

Structures on Electrothermal Susceptibilities

4.3.1 Pyroelectric Effect

Depending upon the strain regime in the revised temperature-strain phase diagram,
the effect of temperature on the domain structures can be broadly classified into four cate-
gories, (1) within the pure c phase, the monodomain structure present at room temperature
is preserved upon heating (shaded in orange, Figure 4.10); (2) within the c/a phase, in-
creasing the temperature drives an increase in the fraction of c-oriented domains (shaded in
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yellow, Figure 4.10); (3) within the mixed phase, where there is a coexistence of c/a- and
a1/a2-domain structures, increasing the temperature drives an increase in the fraction of
a1/a2 at the expense of the c/a domain structure (shaded in light green, Figure 4.10); and
(4) within the a1/a2 phase, the completely in-plane polarized domain structure is preserved
with increasing temperature (shaded in dark green, Figure 4.10). In the current work, we ex-
amine the electrothermal susceptibilities along the out-of-plane ([001]- or z-) direction, thus,
we focus on the first three domain structure variants (i.e., the c, c/a, and mixed phases).
As a result, we will drop the subscript [001] or z from πz, Σz, and Ez from the rest of the
article for simplicity.

To achieve a finer control over the c, c/a, and mixed-phase domain structures,
120 nm PbZr0.2Ti0.8O3 / 20 nm Ba0.5Sr0.5RuO3 / TbScO3 (110), GdScO3 (110), SmScO3

(110), NdScO3 (110), and PrScO3 (110) heterostructures were grown using pulsed-laser
deposition. These substrates provide a lattice mismatch (εxx, εyy) with PbZr0.2Ti0.8O3

of (-1.27%, -1.26%), (-1.08%, -0.97%), (-0.69%, -0.45%), (-0.18%, 0.13%), and (+0.08%,
+0.43) along [010] and [100], respectively (note that the misfit strain is calculated us-
ing the room-temperature pseudocubic lattice parameter of PbZr0.2Ti0.8O3[145] and the



63

20 25 30 35 40 45 50

2θ
 

 

)
s ti

n
u .

br
A( 

yti
s

n
et

nI

 
 

 

TbScO3

220

TbScO3

110

GdScO3

220

GdScO3

110

SmScO3

220

SmScO3

110

NdScO3

220
NdScO3

110

PrScO3

220

PrScO3

110

PZT 

002

PZT 

002

PZT 

002

PZT 

002

PZT 

002

PZT 

200

PZT 

200

PZT 

001

PZT 

001

PZT 

001

PZT 

001

PZT 

001

PZT 

100

PZT 

100

ε
m
=+0.26%

ε
m
=-0.02%

ε
m
=-0.57%

ε
m
=-1.02%

ε
m
=-1.26%

Figure 4.11: Wide-angle θ-2θ scans for 120 nm thick PbZr0.2Ti0.8O3 films grown on TbScO3

(110), GdScO3 (110), SmScO3 (110), NdScO3 (110) and PrScO3 (110) substrates.

anisotropic in-plane lattice parameters of the substrates[200]). Henceforth, we will use the
average biaxial misfit strain (εm = 0.5(εxx + εyy)) to refer to a particular strain state.
Ba0.5Sr0.5RuO3 (apc=3.97 Å, calculated as a mean of SrRuO3 and BaRuO3)[201] was chosen
as a lattice-matched bottom electrode. Room-temperature X-ray diffraction line scans (Fig-
ure 4.11) reveal that the heterostructures are epitaxial and single-phase. It can also be seen
that the PbZr0.2Ti0.8O3 is predominantly (001)-or c-oriented when grown on TbScO3 (110)
(εm = −1.26%), GdScO3 (110) (εm = −1.02%), and SmScO3 (110) (εm = −0.57%) due to the
compressive strain. With increasing tensile strain for films on NdScO3 (110) (εm = −0.02%;
note that εyy is positive) and PrScO3 (110) (εm = +0.26%), there is a systematic evolution
of the films towards more (100)- or a-oriented structures. These trends are also evident
from the room-temperature domain structure imaged via atomic force microscopy (Figure
4.12a-e) and piezoresponse force microscopy (Figure 4.12f-j).

To probe the effect of temperature on the c, c/a, and mixed-phase domain struc-
tures, atomic-force microscopy-based topography measurements were conducted on represen-
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Figure 4.12: Topography (a-e) and out-of-plane piezoresponse amplitude (in-plane piezore-
sponse amplitude as inset) (f-j) of PbZr0.2Ti0.8O3 films grown on TbScO3 (a,f), GdScO3

(b,g), SmScO3 (c,h), NdScO3 (d,i), and PrScO3 (e,j) substrates.

tative structures on TbScO3 (110) (c), GdScO3 (110) (c/a), and PrScO3 (110) (mixed-phase)
at 450 K (Figure 4.13). For heterostructures grown on TbScO3 (110), increasing the temper-
ature from 300 K to 450 K does not alter the c-domain structure (Figure 4.13a and 4.13b).
For the heterostructures grown on GdScO3 (110), increasing the temperature from 300 K to
450 K causes a gradual reduction in the fraction of a domains (Figure 4.13c and 4.13d). For
the heterostructures grown on PrScO3 (110), increasing the temperature from 300 K to 450
K causes the a1/a2 domain structure to grow at the expense of the c/a domain structure,
effectively reducing the net fraction of c domains (Figure 4.13e and 4.13f); this is opposite
to the trend observed in films under compressive strain within the c/a-phase regime (Figure
4.13b).

With this understanding of how the domain structures evolve in response to tem-
perature in the different strain regimes, devices with in situ heating/temperature-sensing
ability for measurement of both PEE and ECE in thin-film heterostructures were fabricated
using the established process in Chapter 3.[36] Prior to any electrothermal measurements,
polarization-electric field hysteresis loops were measured (Figure 4.14a). As expected, as the
fraction of out-of-plane switchable c domains is reduced with increasing tensile strain (from
-1.26% to +0.26%,), the remanent polarization (Pr) systematically diminishes from 72 µC
cm−2) to 8 µC cm−2). The corresponding increase in the a-domain fraction also manifests
as an increase in the measured out-of-plane dielectric permittivity (εr) (Figure 4.14b) as εr
is higher for a domains than for the c domains.[202]

To study the effect of ferroelastic domains on the pyroelectric susceptibility, let us
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Figure 4.13: AFM topography of the PbZr0.2Ti0.8O3 film grown on TbScO3 (a,b), GdScO3

(c,d), and PrScO3 (e,f) at 300 K and 450 K, respectively.
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Figure 4.14: (a) Polarization-electric field hysteresis loop and, (b) dielectric permittivity
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Figure 4.15: (a) Measured temperature oscillation, θFE and thermal phase lag, φ between
the heating current and the temperature change in the ferroelectric as a function of the fre-
quency. (b) Measured pyrocurrent and (c) pyroelectric coefficient as a function of frequency.

first recall the various contributions to which include: (1) intrinsic contributions that arise
from the temperature-dependent change in the spontaneous polarization within a ferroelec-
tric domain, (2) extrinsic contributions that arise because of the temperature-dependent
movement of domain walls resulting in a change in the fraction of the ferroelastic domains,
and (3) secondary contributions that arise because of the thermal-stress-induced polarization
change.[3, 81] As such, the total pyroelectric response can be written as:

π =
∂ 〈Pz〉
∂T

=
∂ 〈Pz0〉
∂T

+
∑
i

d∗ijkcjklmαlm = φc
d 〈P 〉
dT

+ 〈P 〉 dφc
dT

+
∑
i

d∗ijkcjklmαlm (4.3)

where 〈Pz〉 and 〈Pz0〉 are the average net polarization and spontaneous polarization
in the out-of-plane or z-direction, respectively, and φc is the equilibrium c-domain fraction.
d∗ijk, cjklm, and αlm are the components of the direct piezoelectric, elastic constant, and
thermal expansion tensor, respectively. The first and the second term on the right-hand
side constitute the intrinsic (πint) and the extrinsic (πext) pyroelectric response (collectively
constituting the primary contribution) while the third term constitutes the secondary con-
tribution. Since, we are interested the role of ferroelastic domains (πext), we will work to
systematically eliminate (or understand) the contributions from the intrinsic and secondary
contributions.

Pyroelectric measurements were conducted by periodically oscillating the temper-
ature of the heterostructure by applying a sinusoidal heating current of 10 mA (rms) at
various frequencies (f = ω

2π
) across the microfabricated heater line. This heating current

drives temperature oscillations (dT
dt

) in an area (A) of the heterostructure at frequencies (2f)
with an amplitude that is measured using the 3ω method[36] (Figure 4.15a). The resulting
pyroelectric current (ip) (Figure 4.15b) was measured using phase-sensitive detection[24, 25]
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Figure 4.16: (a) Pyroelectric coefficient, π as a function DC electric field measured
at room temperature and 1 kHz, for oxide metal (40 nm SrRuO3)-ferroelectric (120 nm
PbZr0.2Ti0.8O3)-oxide metal (20 nm Ba0.5Sr0.5RuO3) tri-layer heterostructures on TbScO3,
GdScO3, SmScO3, NdScO3, and PrScO3 substrates with εm = -1.26%, -1.02%, -0.57%, -
0.02% and +0.26%, respectively (brown, orange, yellow, light green and dark green data,
respectively). (b) Experimentally measured π (red data) and estimated πint (black dashed-
line) for different strain states. (c) Calculated πext for all strain states corresponding to c,
c/a, and mixed phase heterostructures. (d) Temperature-dependent change of normalized
π ( πT

πT=303K
) for heterostructures with εm = −1.26%,−1.02%,−0.57%,−0.02% and +0.26%,

respectively (brown, orange, yellow, light green and dark green data, respectively).

and π was calculated as π = ip
(
AdT

dt

)−1
(Figure 4.15c). It can be seen that with increas-

ing heating frequency, the measured value of π decreases for all the heterostructures. At
lower heating frequencies, the thermal penetration depth into the heterostructure is large
such that it allows the ferroelectric film to undergo lateral thermal expansion along with
the substrate resulting in a finite secondary contribution that can be calculated by knowing
the relative thermal mismatch between the film and the substrate.[81] With increasing heat-
ing frequency, however, thermal penetration is reduced and the ferroelectric film becomes
progressively clamped to the substrate which is no longer sensing the temperature change,
thus resulting in negligible thermal expansion and effectively zero secondary contribution
to π.[36] In our measurements, these secondary contributions can be effectively “turned-off
above 1 kHz heating frequencies. Thus, in the remainder of the discussion we will report
measurements of π at 1 kHz that exclude these contributions.

The primary contribution, under an electric field, also includes the contribution
from temperature-induced changes in the dielectric permittivity

(
ε0E

∂εz
∂T

)
, To probe this

contribution, π was measured as a function of background DC electric field (Figure 4.16a).
Here, we see a butterfly-shaped pyroelectric loop as the direction of the pyroelectric current
switches when the ferroelectric switches. The contribution from temperature-induced change
in the dielectric permittivity is manifested as a reduction in π from the zero DC electric-field

state to one under a finite electric field. This is because
(
∂〈Pz0〉
∂T

)
is negative while

(
ε0E

∂εz
∂T

)
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is positive as εz increases with increasing temperature below Tc. Since, the heterostructures
under tensile strain exhibit a higher dielectric constant (Figure 4.2b), the contribution from
the temperature-induced change in the dielectric permittivity is higher (notice the higher
slope between the representative points 1 and 2 for all the heterostructures).

Next, to separate πext from the measured primary contributions, we will first es-
timate πint. This is done using the following assumption. For a pure c-phase heterostruc-
ture with remanent polarization (Pr,−1.26%), the pyroelectric coefficient (π−1.26%) is purely
intrinsic due to the complete absence of any ferroelastic domains and therefore there is
no possible change in the domain structure with temperature around room temperature.
Thus, πint for any heterostructure with remanent polarization (Pr,εm) can be estimated as

πint,εm = πint,−1.26%
Pr,εm

Pr,εm=−1.26%
(black dashed line, Figure 4.16b). It should be noted that this

assumption can be applied here because the Curie temperature for all heterostructures is
much higher than 750 K, and at room temperature, πint should scale with Pr. By subtract-
ing πint from the measured primary contribution (red data, Figure 4.16b), πext be calculated
(blue data, Figure 4.16c). For the c-phase heterostructures, πext is equal to zero as the
fraction of c domains does not change with temperature and the measured is simply πint
which mathematically is a negative quantity since 〈P 〉 decreases with T . For the c/a-phase
heterostructures, φc increases with temperature. Therefore, πext is positive and thus counter
to πint. On the other hand, for the mixed-phase heterostructures, φc decreases with tempera-
ture. Therefore, πext adds to πint thereby reinforcing the pyroelectric response. For example,
in the heterostructure with misfit strain εm = +0.1%, πext from the temperature-dependent
change in the domain structure accounts for approximately -80 µC m−2 K−1 of the total π
≈ -185 µC m−2 K−1; thus contributing as much as 43% of the total pyroelectric response.
The mixed-phase heterostructures which exhibit a large negative πext, therefore, can provide
a new strain-induced route to enhance the PEE at a domain length-scale potentially useful
for small-pitch, high-density, nano-patterned pyroelectric detector arrays.[203]

Further understanding of πext, especially for the mixed-phase heterostructures, can
be developed by probing the temperature-dependent change in π (Figure 4.16d). For an ease
of understanding, we show how the normalized value of π (πT/π30◦C) changes with temper-
ature. For the c-phase heterostructures with zero πext, the measured π simply increases as
the temperature approaches the ferroelectric-to-paraelectric phase transition (which happens
above 750 K and is not shown here due to experimental constraints) where the susceptibility
diverges (brown data, Figure 4.16d). For the c/a-phase heterostructures, π also increases;
however, under a competing response of πint and πext. As the temperature increases, the
fraction of c domains in the c/a-phase heterostructures first increases (positive πext) before
transitioning into a fully c-phase structure (Figure 4.13b) and then the response mimics
the response of a c-phase heterostructure (orange and yellow data, Figure 4.16d). The re-
sponse for the mixed-phase heterostructures, on the other hand, is fundamentally different
from the other two. Here, the phase-competition between c/a- and a1/a2-domain struc-
tures causes significant domain reconfiguration resulting in a net increase in the fraction of
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Figure 4.17: Synchrotron-based RSM (showing the k− l plane about h = 0) about the 220-
diffraction peak of the NdScO3 substrate showing the 002- and 200-peak of PbZr0.2Ti0.8O3

corresponding to the tilted c and untilted a domain variant at (a) 300 K, (b) 373 K, and (c)
473 K. (d-f) Representative h−k slices shown for different l corresponding to c-domains (d),
substrate (e), and a-domains (f). (g) Integrated intensity on the h − k plane for every l at
300 K (blue data), 373 K (yellow data), and 473 K (red data). The inset shows the volume
fraction of c- and a-domains as a function of temperature extracted by fitting the peaks in
(g) and calculating the area under the corresponding peaks.

a domains with increasing temperature. This negative πext adds to πint and causes a much
steeper enhancement of π with increasing temperature (light-green and dark-green data,
Figure 4.16d). Since the c/a constituent, and therefore the fraction of c domains in the
mixed-phase heterostructures continuously reduces with temperature, a transition into the
a1/a2 phase causes the pyroelectric response to decay (brown data, Figure 4.16d) and finally
go to zero without exhibiting any divergence in π.

To rigorously quantify πext within the mixed-phase heterostructures, where they
contribute to the net pyroelectric susceptibility, we measured the temperature-dependent
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change in the c-domain population (which is responsible for π) using synchrotron-based
X-ray diffraction. For brevity we highlight such evolution in the heterostructure grown on
NdScO3 (110) with εm=-0.02% wherein there is a measurable quantity of c domains in the
temperature range of interest. Three-dimensional reciprocal space mapping studies were
measured about the on-axis 220-diffraction condition of the NdScO3 substrate at 300 K,
373 K, and 473 K. A two-dimensional slice (k − l plane at h = 0) at 300 K reveals film
peaks corresponding to 00l -oriented c domains and two versions of the in-plane polarized
a domains: (1) an untilted variant (corresponding to the a1/a2-domain structure) and (2)
a tilted variant (corresponding to a domains in the c/a-domain structure) (Figure 4.17a).
Increasing the temperature to 373 K (Figure 4.17b) and 473 K (Figure 4.17c) results in a
progressive increase in the intensity of the untilted a1/a2-domain structure revealing a net
increase in the fraction of the a domains. To accurately quantify the change in the fraction
of c and a domains, we integrated the intensity on the h − k plane across all measured
values of l (Figure 4.17d-f) to get an integrated intensity (Figure 4.17g) that accounts for
the crystallographic tilts and allows for a more accurate quantification (in comparison to θ-2θ
X-ray line scans or scanning-probe-based image analysis) of the volume fraction of the c and
a domains. By fitting the integrated intensity curve with mixed Lorentzian and Gaussian
peaks and calculating the area under the peaks, the fraction of c and a domains was extracted
(inset, Figure 4.17g). To calculate the magnitude of πext (πext = 〈P 〉 dφc

dT
), 〈P 〉=72 µC cm−2

corresponding to the monodomain c phase, was taken. This was under the assumption that
in the mixed-phase heterostructures, the average biaxial misfit (tensile) strain partitions into
a less tensile component accommodated predominantly by the c/a phase and a more tensile
component accommodated by the a1/a2 phase.[186] Using the measured value of dφc

dT
(inset,

Figure 4.17g) between 300 K and 373 K, an average πext equal to approximately -128 µC
m−2 K−1 can be estimated; suggesting that strain-/temperature-dependent changes in the
domain population can significantly contribute to π and can be used as a promising route
to enhance pyroelectric susceptibility in thin-film systems.

4.3.2 Electrocaloric Effect

The strain- and temperature-dependent changes in the domain configurations have
implications for the ECE as well. Similar to the case of PEE, we will break down the
contributions to Σ into (1) intrinsic contributions that arise from the electric-field-dependent
isothermal change in the entropy or an adiabatic change in temperature within a ferroelectric
domain, (2) extrinsic contributions that arise because of electric-field-dependent ferroelastic
domain conversion, and (3) secondary contributions that arise because of the piezoelectricity-
induced elastocaloric effect (or piezocaloric effect). As such, the total electrocaloric response
can be written as:
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Σ =
∂S

∂E
=
∂S0

∂E
+ ΣiCdijkγjk = φc

dSc

dE
+ φa

dSa

dE
+
dSβ→δ

dE
+ ΣiCdijkγjk (4.4)

where dSc

dE
and dSa

dE
is the dipolar entropy change in the c and a domains with volume

fractions φc and φa, respectively, under an applied electric field (E). Together, these two

terms constitute the intrinsic response (Σint). The third term, dSβ→δ

dE
, exclusively represents

the entropy change due to a phase change from a generic phase β to δ under the same
electric field constituting the extrinsic contribution to ECE (Σext). C, dijk, and γjk are the
volumetric heat capacity, and components of the converse piezoelectric and Grneisen tensor,
respectively. Their product (last term, right-hand side) constitutes the secondary response
resulting from the piezocaloric effect.

Using the same device structure as for measuring the PEE, ECE measurements
were conducted by applying an electric-field perturbation to measure the electrocaloric-
temperature change. Briefly, a sinusoidally varying electric-field with an amplitude of 83
kV cm−1 at 98.147 kHz was applied across the ferroelectric heterostructure. In response
to the AC electric-field perturbation, the resulting sinusoidal temperature oscillation in the
ferroelectric was sensed using the top metal line now functioning as a thin-film resistance
thermometer. An AC sensing current with a magnitude of 2 mA at a frequency of 2.317
kHz was sourced through the top line and the electrocaloric response (manifested as an
AC voltage) was measured at 98.147-2.317=95.830 kHz. Using the temperature coefficient
of resistance, the temperature change in the top metal line was calculated and this was
subsequently used to calculate Σ after solving the 1-D heat transport model using the ther-
mophysical properties of the heterostructure (Table 1).[36] Since, the ferroelectric thin film
is clamped on the substrate, the secondary contribution due to the piezocaloric effect can be
neglected[204] and the measured value Σ should only account for the primary contributions
(Σ = Σint + Σext).

ECE measurements were conducted by sweeping the background DC bias to both
the positive and negative saturation bias to measure the response in both the up- and the
down-poled state. It can be seen that Σ, for all the heterostructures, exhibits a ferroelectric
hysteresis-like response as the DC electric is swept (Figure 4.18a). Conventional ECE (i.e., a
rise in temperature with increasing electric field) is observed in all the heterostructures when
the device is poled-down (with polarization equal to +Pr) and the application of a positive
electric field reduces the dipolar entropy and results in an increase in the temperature. When
the sample is poled-up (with polarization equal to−Pr), applying a positive field increases the
dipolar entropy and results in the inverse ECE (i.e., a decrease in temperature with increasing
electric field). Further, it can be seen that the ECE for the c-phase heterostructures is
maximum and with increasing tensile strain the magnitude of Σ diminishes. To understand
the role of strain and the resulting domain structures on Σ, we have estimated the intrinsic
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Film/Substrate Thermal conductivity Specific heat capacity
k (Wm−1K−1) C(T ) (Jm−3K−1)

PbZr0.2Ti0.8O3 1.5 a 2.7× 106(25◦C)b

SrRuO3 3.9 3.0× 106 c

Ba0.5Sr0.5RuO3 Assumed as 3.9 Assumed as 3.0× 106

SiNx 2.0 d 1.16× 106 e

TbScO3 2.82 f Assumed as 2.7× 106

GdScO3 3.34 f 2.7× 106 a

SmScO3 3.49 f Assumed as 2.7× 106

NdScO3 3.86 f Assumed as 2.7× 106

PrScO3 3.61 f Assumed as 2.7× 106

Table 4.1: Thermophysical properties (at 300 K) of the various thin films and substrates
used in the thermal transport calculations. a Ref. [35]; b Ref. [205]; c Ref. [206]; d Measured
using differential 3ω method on a single-crystal sapphire substrate; e Ref. [207]; f Measured
using 3ω method

contribution to the ECE as Σint,εm = Σint,−1.26%
Pr,εm

Pr,εm=−1.26%
(black dashed line, Figure 4.18b)

akin to πint. This holds true because the application of electric field to a pure c-phase
heterostructure does not result in any domain conversion and, therefore, Σext = 0 (Figure
4.18c). For the other heterostructures (c/a and mixed phase), Σext can be calculated by
simply subtracting Σint from the measured total Σ (Figure 4.18c).

It can be seen that Σext is positive for the c/a-phase heterostructures and is negative
for the mixed-phase heterostructures (Figure 4.18c). This can be understood as follows. Σext

explicitly accounts for the change in the entropy due to domain conversion under an applied
electric field. The application of an electric field can stabilize a phase with either a lower or
a higher entropy (note that the phase stable at a higher temperature has a higher entropy
than the one stable at a lower temperature). Σext will therefore be negative for the former
and positive for the latter cases. For the c/a-phase heterostructures, the a domains are
susceptible to transform to c domains under an applied electric field. Since the electric field
stabilizes the higher-entropy c phase, Σext, captured as dSa→c

dE
, is positive (inverse). On the

other hand, for the mixed-phase heterostructures, Σext is negative (conventional) as the field
stabilizes the lower-entropy phase (mixed phase over the a1/a2 phase). The electrocaloric
response can alternatively be understood by looking at how, under an applied electric field,
the component of polarization along the direction of field (Pz) changes with increasing tem-
perature. To understand Σext in particular, let us focus only on the volume of a or c domains
that change with temperature under an applied out-of-plane electric field. In the c/a-phase
heterostructure, an increase in temperature causes a a→c transformation resulting in an
increasing in the out-of-plane polarization 〈P a→c

z 〉 and therefore a positive slope of
(
dP
dT

)
E
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Figure 4.18: (a) Measured electrocaloric coefficient, Σ showing conventional (inverse) ECE
in the down- (up-) poled state under positive (negative) saturation DC electric field for
heterostructures with εm = −1.26%,−1.02%,−0.57%,−0.02% and +0.26%, respectively
(brown, orange, yellow, light green and dark green data, respectively). (b) Measured Σ
(red data) and estimated Σint (black dashed-line) for different strain states. (c) Calculated
Σext for all strain states corresponding to c, c/a, and mixed phase heterostructures. (d)
Schematic showing the change in the polarization (from c domains and interconversion of
a → c domains) with increasing temperature under an applied electric field. (e) Schematic
showing the change in the polarization (from c domains and interconversion of c/a → a1/a2

domains) with increasing temperature under an applied electric field.

(Figure 4.18d). Qualitatively, as per the Maxwell relation,
(
dS
dE

)
T,σ

=
(
dP
dT

)
E,σ

, this corre-

sponds to a positive Σext. In the mixed-phase heterostructure, an increase in temperature
causes a c/a→a1/a2 transformation resulting in a decrease in the out-of-plane polarization〈
P

c/a→ a1/a2
z

〉
and therefore a negative slope of

(
dP
dT

)
E

(Figure 4.18e) and hence negative Σext.

Thus, Σext competes with the conventional Σint in the c/a-phase heterostructures while it
complements the conventional Σint in the mixed-phase heterostructures.
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4.4 Probing Electromechanical Response in

Mixed-Phase Domain Structures

4.4.1 Understanding Ferroelastic Switching in Mixed-Phase
Domain Structures

The potential for electric-field driven response was explored via PFM-based BE-
SS[208, 209] which allows for the visualization of the switching process (Figure 4.19). To con-
duct this experiment, we applied a bipolar triangular switching waveform using a scanning-
probe tip in a square-grid (3 µm spacing between points) and measured the piezoresponse,
phase, cantilever loss, and cantilever contact resonance (indicative of elastic modulus) at
each voltage step. Prior to, and following switching, PFM and topography scans were ob-
tained and image registry techniques were employed to observe any structural changes. From
this analysis, two characteristic switching processes were observed; each of which revealed a
high degree of correlation to the initial domain structure. First, switching in a purely c/a
region (Figure 4.19a) reveals piezoresponse loops with a sharp, single positive and negative
coercive bias, consistent with ferroelectric switching for an out-of-plane polarized, tetragonal
ferroelectric (Figure 4.19b). The voltage-contact resonance frequency loops (Figure 4.19c),
again indicative of the elastic modulus of the film, reveal a butterfly loop shape with soft-
ening of the lattice during the switching, and hardening during saturation, consistent with
prior reports.[210–212] Specifically, as positive bias is applied, there is a rapid change in
the piezoresponse as the film switches, resulting in elastic softening up to a bias of ∼4 V.
Further increasing the voltage gives rise to saturation of the piezoresponse and, correspond-
ingly, elastic hardening, indicating that the structure has fully reoriented under the applied
field. As the bias is decreased towards 0 V, the resonance frequency remains essentially
constant until, under negative bias, an identical switching process in the opposite direction
is observed. Looking at the initial and final topographic images (Figure 4.19d and 4.19e,
respectively) we note no change in the topography and domain structures.

Focusing now on to the second type of switching, occurring when applying a bias
in an a1/a2 domain region (Figure 4.19f), an atypical switching process is observed. The
piezoresponse hysteresis loops exhibit intermediate stable states with a reduced piezoresponse
(labeled 2 and 4, Figure 4.19g) relative to the saturation states (labeled 5 and 3, Figure
4.19g). Corresponding analysis of the voltage-contact resonance loops (Figure 4.19h), reveals
an unconventional response wherein an initial elastic hardening to a stiffer intermediate
state is observed (we note that this type of response persists through multiple switching
cycles). In particular, upon increasing the bias, there is a rapid and abrupt increase in the
contact resonance, indicative of a transition to a mechanically stiffer state (1→2, Figure
4.19h), which corresponds to the intermediate, low piezoresponse state (2, Figure 4.19g).
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Figure 4.19: Band excitation piezoresponse spectroscopy (BEPS) studies on 80 nm PbTiO3/
BaSr0.5Ru0.5O3/GdScO3 heterostructures with coexisting hierarchical c/a and a1/a2 domain
architectures. (a) Schematic illustration of a c/a region, and (b) the corresponding out-of-
plane piezoresponse hysteresis loop obtained from such a region. (c) Contact resonance
frequency loops with various polarization states through the switching process indicated.
(d,e) Topographic images of the region prior to (d) and following (e) switching revealing an
unchanged domain structure. Inset shows a binary image of the 75 nm region directly under
the PFM tip. (fg) Schematic illustration of an a1/a2 region (f), and corresponding out-of-
plane piezoresponse hysteresis loop (g) and contact resonance frequency loop (h) taken in
such a region revealing a three-state ferroelastic switching process (c+, a, and c−) with high
(low) piezoresponse and low (high) contact resonance states characteristic of c (a) domains.
Throughout the switching process the polarization states are indicated. (i,j) Topographic
images of the region prior to (i) and following (j) switching revealing the nucleation of a c
domain within an a1/a2 domain structure. Inset shows a binary image of the 75 nm region
directly under the PFM tip. Scale bars in all images are 500 nm.
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Figure 4.20: Scanning probe microscopy-based photothermal-excitation contact reso-
nance measurements showing (a) topography and (b) contact resonance map for PbTiO3/
Ba0.5Sr0.5RuO3/SmScO3 (110) heterostructures.

Considering the anisotropy in stiffness (C11 ≈ 105 GPa, C33 ≈ 230 GPa) and piezoelectric
coefficients (d33 ≈ 83.7 pm V−1, d11 ≈ 0 pm V−1) in tetragonal PbTiO3,[202] the transition
observed corresponds to a 90◦ ferroelastic switching from up-polarized c to in-plane polarized
a. To validate this observation, contact resonance measurements (without bias) in purely
c and a domain regions were completed and reveal an increase in the contact resonance
frequency of ∼2000 Hz from c to a (Figure 4.20). Thus, this increase in elastic modulus
represents the direct detection of 90◦ ferroelastic switching from an up-polarized c+ to in-
plane polarized a. Continuing to increase the positive bias results in an abrupt reduction of
the contact resonance indicative of a transition to a mechanically softer state (2→3, Figure
4.19h) which corresponds with the saturation of the piezoresponse (3, Figure 4.19g). This
indicates a second 90◦ ferroelastic switch from the in-plane polarized a to a down-polarized
c- domain. As the field is subsequently reduced, the region under the tip remains down-
polarized c−, until reaching the negative coercive field, wherein it undergoes a transition
to in-plane polarized a as indicated by a rapid increase in the contact resonance (3→4,
Figure 4.19h) and the intermediate state with low piezoresponse (4, Figure 4.19g). Upon
further increasing the negative bias, the material transitions from the in-plane polarized
a to an up-polarized c+ as indicated by a rapid decrease in the contact resonance (4→5,
Figure 19h) and saturation of the piezoresponse (5, Figure 4.19g). Comparison of the initial
(Figure 4.19i) and final (Figure 4.19j) topographic images reveals the nucleation of a stable
c domain within the a1/a2 matrix. These studies illuminate the role of domain-structure
competition in reducing clamping effects, which results in an acoustically detected two-step,
three-state ferroelectric switching process, and facilitates the interconversion of ferroelastic
domain structure variants.
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4.4.2 Deterministic Control of Ferroelastic Switching

Such facile electric-field-driven ferroelastic switching provides a promising route
to controllably reconfigure domain architectures important for a range of applications. To
demonstrate the potential of this system, we focus on a hierarchical domain architectures
consisting almost entirely of a1/a2 domain structures (as found in films at εs = 0.7%). As-
grown, the films reveal a flat topography (height, Figure 4.21a) and a diminished out-of-plane
piezoresponse (color scale, Figure 4.21a) corresponding to a1/a2 domain structures. A bias
pattern (7 V) was applied using the PFM tip to ferroelastically write an array of out-of-plane
polarized c domain lines which protrude from the surface (height, Figure 4.21b) and exhibit
enhanced out-of-plane piezoresponse (color scale, Figure 4.21b). To erase these c domains,
in-plane electric fields (∼100 kV cm−1) were applied using interdigitated electrodes restoring
the as-grown topography (height, Figure 4.21c) and out-of-plane piezoresponse (color scale,
Figure 4.21c). Line traces across the switched regions (height, Figures 4.21a-c) reveal that
the electric-field induced ferroelastic interconversion from a to c is accompanied by ∼0.5 nm
changes in the surface topography; corresponding to a large and recoverable out-of-plane
electromechanical strains of ∼]1.25%. The versatility of this effect is demonstrated by elec-
trically writing an arbitrary pattern over a large area (resembling the Cal R© logo, Figure
4.21d). Such deterministic, reversible, and non-volatile control of ferroelastic switching in a
clamped thin film is promising to control the dielectric, optical, acoustic, etc. properties of
materials at the nanoscale which has implications for a range of applications including na-
noelectromechanical systems,[176] reconfigurable metamaterials,[213, 214] piezotronics,[177]
smart/adaptable surfaces and modules,[215] and much more. For example, in addition to the
large changes in topography and piezoresponse, the inherent anisotropy in PbTiO3 means
that these same ferroelastic interconversions give rise to a reversible 23% change in the local
Young’s modulus of the material. Such effects point to a rich potential for exotic nanoscale
design of materials and mesostructures.

4.5 Conclusion

In summary, the effect of epitaxial strain on the evolution of ferroelastic domain
structures in a canonical tetragonal ferroelectric PbZr1−xTixO3 was investigated. We showed
how epitaxial strain can induce a domain-structure competition in PbZr1−xTixO3 giving rise
to a rich spectrum of domain-structures and the resulting physical responses. We illustrated
the role of ferroelastic domains on the electrothermal susceptibilities and experimentally
showed how their response fundamentally varies with the imposed epitaxial strain boundary
condition. The so-called extrinsic effect was found to suppress the electrothermal susceptibil-
ities in the compressive strain regime. However, in the tensile strain regime, the temperature-
and field-induced interconversion of the domain structures in the mixed-phase domain ar-
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Figure 4.21: Superimposed topography and vertical PFM (amplitude) response for a 40 nm
thick PbTiO3 film grown with εs = 0.7% predominantly a1/a2 structure. a) Shows the initial
a1/a2 domain structure and an atomically terraced surface (as indicated by the line trace
in height). b) Reveals a deterministically written pattern of c/a domains within the a1/a2

region wherein large surface displacements are observed (line trace in height shows ≈ 0.5 nm
changes). c) Shows that such structures can be erased by application of an in-plane electric
field, restoring the surface to the original smooth state (line trace in height). The inset
height line traces reveal the evolution of the surface topography and indicate the potential
for reversible electromechanical strains of 1.25%. d) Electrically written ferroelastic pattern
(Cal logo) on a 10 µm2 as-grown region. The Cal logo, which is a registered trademark
and intellectual property of the Regents of the University of California, is reproduced with
permission.
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chitecture enhanced the same susceptibilities.

Further, we demonstrated that the field-induced ferroelastic interconversions can
give rise to large electromechanical responses. Such effects are made possible by the nearly en-
ergetically degenerate, hierarchical domain architectures of coexisting c/a and a1/a2 domain
structures which drives an acoustically detectable two-step, three-state ferroelastic switching
process. This allows for deterministic writing and erasure of ferroelastic domain-structure
variants with large out-of-plane electromechanical strains (∼1.25%) and tunability of the
local piezoresponse and elastic modulus (>23%). Such structures, in turn, are useful for de-
terministic control of nanoscale modulations in thermal, electrical, mechanical, and optical
susceptibilities and motivate the exploration of other systems wherein similar approaches
can be used to induce hierarchical ferroelastic domain architectures capable of exhibiting
new functionalities and improved performance.
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Chapter 5

Pyroelectric Energy Conversion using
Complex Oxide Thin Films

In this Chapter, I explore pyroelectric energy conversion from low-grade thermal
sources that exploits strong field- and temperature-induced polarization susceptibilities in
the relaxor ferroelectric 0.68Pb(Mg1/3Nb2/3)O3-0.32PbTiO3. Electric-field-driven enhance-
ment of pyroelectric response (as large as −550µCm−2K−1) and suppression of dielectric
response (by 72%) yield large figures of merit for pyroelectric energy conversion. Field- and
temperature-dependent pyroelectric measurements highlight the role of polarization rotation
and field-induced polarization in mediating these large effects. Solid-state, thin-film devices
that convert low-grade heat into electrical energy are demonstrated using pyroelectric Eric-
sson cycles, and optimized to yield maximum energy density, power density, and efficiency
of 1.06 J cm−3, 526 W cm−3, and 19% of Carnot, respectively; the highest values reported
to date and equivalent to the performance of a thermoelectric with an effective ZT ≈ 1.16
for a temperature change of 10 K.
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5.1 Introduction and Challenges

In the United States nearly 68% of the primary energy produced in 2016 was wasted
as heat.[216] For example, it is projected that a single next-generation exascale supercom-
puter will consume 5-10% of the total power output from the average coal-fired power plant
and turn virtually all that energy into heat.[217] Considerable efforts are, therefore, under-
way to harvest some of this waste heat. The majority of research in this regard has focused
on thermoelectrics (materials that convert a temperature gradient into electrical energy via
the Seebeck effect).[86] For low-grade waste heat (< 100◦C) thermoelectrics are inherently
limited by their low ZT, a dimensionless figure of merit (FoM) that requires high electrical
and low thermal conductivity; a combination that is difficult to achieve.[218] For example,
the widely-studied Bi2Te3-based thermoelectrics have ZT ≈ 1 which corresponds to 17%
scaled efficiency (the ratio of the absolute to the Carnot efficiency) for low-grade heat scav-
enging.[219] Despite some commercial success with thermoelectrics, researchers continue to
explore alternative technologies for waste-heat energy conversion; including approaches that
take advantage of phenomena such as thermo-osmotic and -galvanic effects.[220, 221] This
Chapter demonstrates the potential of an approach based on pyroelectric materials.

The pyroelectric effect describes the temperature-dependent evolution of sponta-
neous polarization P (resulting in changes in the surface charge density of the material) and
is parameterized by the pyroelectric coefficient, π = ∂P

∂T
. In contrast to the steady-state oper-

ation of thermoelectrics, pyroelectric energy conversion requires thermodynamic cycles that
make use of a temporally-varying thermal profile to extract electrical work from the pyroelec-
tric. Such cycles mimic gas-phase cycles and a number of different thermal-electrical cycles
for pyroelectric energy conversion have been proposed including, for example, Stirling-like
cycles with two isothermal and two isodisplacement processes, [88, 89] Carnot cycles with
two isothermal and two adiabatic processes,[90] and an adaptation of the Ericsson cycle,
an Olsen cycle,[91] which includes two isothermal and two isoelectric processes.[91, 92, 99,
100, 222, 223] Early work in the exploration of these cycles revealed that these adapted
Ericsson cycles can extract the maximum potential work from a pyroelectric out of all of the
thermodynamic cycles studied to date.[87] In turn, much of the work in this field since this
time has employed these adapted Ericsson cycles for pyroelectric energy conversion[222, 223]
and these approaches have produced maximum energy density, power density, and scaled
efficiency values of ∼1 J cm−3,[92] ∼ 30 W −3,[99] and 5.4%,[100] respectively. Based on
these thermal-electrical cycles, researchers have also established that a high-performance
pyroelectric energy conversion material should have a high π and low relative permittivity
(εr), a trade-off parameterized by the FoM for pyroelectric energy conversion (FoMPEC)
which is π2

ε0εr
(ε0 is the permittivity of free space).[32] In turn, optimization of pyroelec-

tric performance requires independently enhancing π and suppressing εr, which is difficult
in conventional materials where dielectric and pyroelectric susceptibilities are generally en-
hanced by the same generic features (i.e., proximity to phase transitions driven by chemistry,
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temperature, strain, etc.).[82, 224]

5.2 Identifying materials with large pyroelectric

response

Phase transitions with enhanced ferroic susceptibilities are a hallmark of relaxor
ferroelectrics like (1-x)Pb(Mg1/3Nb2/3)O3-xPbTiO3 where changing the ferroelectric PbTiO3

content results in a change in the lattice symmetry from rhombohedral, R (x ≤ 0.31), to
tetragonal, T (x ≥ 0.35), via a bridging low-symmetry monoclinic, M (0.31 < x < 0.35),
phase constituting the morphotropic phase boundary (MPB).[225, 226] In proximity to the
MPB, different ferroelectric phases are nearly energetically degenerate, resulting in facile
rotation of polarization under applied stimuli (i.e., temperature,[226] stress,[227] electric
fields[228]). While electric-field-induced polarization rotation has been shown to result in
giant electromechanical response,[63, 64] such field-coupling to pyroelectricity is poorly stud-
ied. The limited work in this regard has shown the possibility for enhancement of π under
applied bias,[50, 229] however, the mechanism for such effects remains unclear with argu-
ments ranging from the importance of a diffuse first-order-like phase transition between the
ferroelectric and relaxor phases,[230] to contributions from the secondary pyroelectric effect
via field-induced piezoelectricity.[231, 232] Understanding such electric field/temperature
susceptibility of polarization in relaxor ferroelectrics is crucial to establishing these materi-
als as promising candidates for pyroelectric energy conversion.

5.3 Growth and Characterization of PMN-32PT Thin

Films

150 nm PMN-0.32PT / 20 nm Ba0.5Sr0.5RuO3 heterostructure was synthesized on
single-crystalline NdScO3 (110) via pulsed-laser deposition. PMN-0.32PT growth was carried
out a deposition temperature of 600◦C in a dynamic oxygen pressure of 200 mTorr using
a laser fluence of 1.8 J cm−2, and a laser repetition rate of 2 Hz. The Ba0.5Sr0.5RuO3

bottom electrode layer was grown a temperature of 750◦C in a dynamic oxygen pressure of
20 mTorr by ablating a Ba0.5Sr0.5RuO3 target (Praxair) at a laser fluence of 1.85 J cm−2 and
a laser repetition rate of 3 Hz. Following growth, the heterostructures were cooled to room
temperature in a static oxygen pressure of 760 Torr at 10◦C min−1.

Following the growth of the PMN-32PT/BSRO heterostructure, X-ray diffraction
θ−2θ scans were conducted that reveal that the heterostructures are single-phase and are epi-
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Figure 5.1: (a) Wide angle θ − 2θ scans for a 150 nm 0.68Pb(Mg1/3Nb2/3)O3-0.32PbTiO3

(PMN-PT)/25 nm Ba0.5Sr0.5RuO3 (BSRO)/NdScO3 (110) heterostructure showing the film
is (001)-oriented, single-phase and of high quality. Inset shows Kiessig fringes about the
primary diffraction peaks, again suggesting pristine interfaces and high quality. (b) Off-axis
RSM about the 332-diffraction conditions revealing that both PMN-PT and BSRO have the
same in-plane lattice parameter as the substrate.

taxial with (001)-orientation (Figure 5.1a). Further, off-axis RSM about the 332-diffraction
condition of NdScO3 shows that the heterostructure is coherently strained (compressive
strain of -0.5%) (Figure 5.1b).

Electrothermal devices were fabricated using the approach described in Chapter
3.[36] Polarization-electric field hysteresis loops, measured from such devices, reveal high po-
larizability and behavior characteristic of relaxor ferroelectrics[233] (Figure 5.2a). Additional
features of relaxor behavior are evident in temperature-dependent εr which shows frequency
dispersion below its maximum (Tmax = 150◦C) (Figure 5.2b) and deviation from Curie-Weiss
behavior below the Burns temperature (Tb = 259◦C, above which the short-range-ordered
domains or polar nano-regions (PNRs) dissolve and PMN-0.32PT is a non-polar paraelec-
tric)[234] (Figure 5.2c).

5.4 Pyroelectric Response of PMN-32PT Thin Films

Pyroelectric measurements were conducted by periodically oscillating the temper-
ature of the heterostructure by applying a sinusoidal heating current of 19 mA (rms) at a
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Figure 5.2: (a) Polarization-electric field hysteresis loop measured at room temperature
and 1 kHz for the PMN-32PT heterostructure. (b) Dielectric permittivity (εr) as a function
of temperature and frequency (1-10 kHz) showing a systematic shift of the maxima (Tmax)
to lower temperatures with decreasing measurement frequency. (c) Inverse dielectric per-
mittivity (at 1 kHz) as a function of temperature revealing the deviation from Curie-Weiss
behavior (black straight-line) to extract the Burns temperature (Tb = 259◦C, shown as black
dashed-line).

frequency of 1 kHz on the microfabricated heater line. This heating current perturbs the
temperature of the heterostructure by an amplitude θFE = 10K at a frequency of 2 kHz and
is measured using the 3ω-method (Figure 5.3).[36] The resulting pyroelectric current (iP )
was measured as a function of dc electric field (red data, Figure 5.4a) and π is extracted from
the relationship iP (AdT

dt
)−1 (red data, Figure 5.4b). Under zero bias, π ≈ −100µCm−2K−1;

however, under application of a dc electric field, iP (Figure 5.4a) and π (Figure 5.4b) are
found to be dramatically enhanced such that | π |> 550µCm−2K−1; far surpassing the field-
induced enhancement of π in a classic ferroelectric (e.g., (001)-oriented PbZr0.2Ti0.8O3 thin
film are provided for comparison; blue curve, Figure 5.4b). We further measured the tun-
ability of εr with dc electric field and found that εr is dramatically suppressed (by ∼72%)
with field (red open circles, Figure 5.4c) due to the suppression of the extrinsic polarization
contribution from the presence of PNRs and consistent with prior observations in relaxor
ferroelectrics.[235] In addition, the loss tangent due to charge leakage within the capacitor
is also suppressed with increasing dc electric field (red filled squares, Figure 5.4c). From a
practical standpoint, strongly suppressed εr (and loss tangent) in conjunction with signifi-
cantly enhanced π, results in an enhancement of the FoMPEC (red data, Figure 5.4d) by ∼5
times in comparison to commonly used materials [e.g., LiNbO320 (black data, Figure 5.4d)
and PbZr0.2Ti0.8O332 (blue data, Figure 5.4d)]. The question, then, is: what is the role of
the dc electric field in enhancing π to such an extent?

To probe the effect of electric field on this strongly field- and temperature-coupled
relaxor ferroelectric, a series of field- and temperature-dependent pyroelectric measurements
were conducted. For all studies, the heterostructures were first heated to above the Tb to
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ih(t) (IRMS = 20mA) at an angular frequency 1ωh (and therefore the dissipated power) and
the temperature change in the relaxor ferroelectric as a function of frequency using the 3ω
measurement.

300◦C before being cooled to room temperature in zero applied field. Once at room temper-
ature, pyroelectric measurements were conducted as a function of dc electric field (0, 13.3,
26.7, and 40 kV cm−1) with increasing sample temperature using an oscillating ac temper-
ature with amplitude θFE = 2.5K. The magnitude of oscillation was deliberately chosen
to be small to capture any temperature-dependent changes in the pyroelectric susceptibility
as the background temperature was varied. Under zero field, two distinct anomalies in π
are observed (Figure 5.5a). We attribute the first anomaly at 82◦C to a M (specifically
MC wherein the polarization is confined to the 010) to T phase transition.[236] The second
anomaly at 216◦C likely corresponds to a T to cubic phase transition. Single-crystal PMN-
0.32PT shows such a transition at 150◦C;[236] however, in the compressively strained (-0.5%)
films used here, the transition temperature could easily be shifted higher. Upon probing the
same pyroelectric response for heterostructures under applied dc electric fields of 13.3, 26.7,
and 40 kV cm−1, we observe field-induced enhancement of π at all temperatures (Figure
5.5b). The first anomaly in π, corresponding to the MC to T phase transition, progressively
shifts to lower temperatures (as extracted from the derivative of the temperature-dependent
data) with increasing field indicating a field-induced rotation of polarization[228, 237] which
could contribute to the enhancement of π. At the same time, since the same electric field
can also enhance the average magnitude of the polarization of the material either by aligning
the polarization within the domains or re-alignment/growth of the domains,[238, 239] the
question arises as to whether the enhancement of π comes primarily from field-induced po-
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comparison.
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larization rotation, field-induced enhancement of the average polarization, or a combination
thereof?

To separate these effects, π was measured while heating under a dc electric field of
40 kV cm−1 (field heating, FH) through the MC to T phase transition to 125◦C (red data,
Figure 5.6) and upon cooling to room temperature under application of the same field (field
cooling, FC) (blue data, Figure 5.6). In this situation, the transition back to the MC phase
is quenched by the applied electric field and the sample remains in the T phase (in effect
contributions to π from polarization rotation would be “turned-off”). To confirm that it is
indeed “locked” in the T phase, π was measured again while heating (FH) after the initial
FH and FC cycle and, in this case, the MC to T phase transition is not observed confirming
that the sample remained in the T phase. By comparing the difference between the FH (red)
and FC (blue) curves, the contribution to π due to polarization rotation (orange data, Figure
5.6) can be quantified at any temperature. For example, polarization rotation contributes a
maximum of ∼16% of the total π near the phase transition. Repeating the same experiment
at a higher dc electric field (67 kV cm−1) yielded the same fractional contribution from
polarization rotation. In turn, this implies that majority of the large response under bias
arises from field-induced enhancement of the average polarization. Ultimately, the combined
temperature- and field-induced changes in polarization magnitude and direction yield large
pyroelectric responses that make this material promising for pyroelectric energy conversion.
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5.5 Pyroelectric Energy Conversion using

PMN-32PT Thin Films

Having understood the mechanism behind the large electric-field enhancement of
π, we proceed to demonstrate the potential of directly converting heat into electrical energy
via pyroelectric Ericsson (or Olsen) cycles. The ideal cycle begins with an isothermal (Tlow)
change of electric field (Elow → Ehigh; 1 → 2, Figure 5.7a) that polarizes the system. This
is followed by an isoelectric (Ehigh) absorption of heat (Tlow → Thigh; 2 → 3, Figure 5.7a).
Next, the electric field is isothermally (Thigh) reduced (Ehigh → Elow; 4 → 4, Figure 5.7a).
Finally, the heat is expelled isoelectrically (Elow) (Thigh → Tlow; 4→ 1, Figure 5.7a). In our
devices, this cycle is implemented by applying carefully chosen time-dependent, spatially-
uniform temperatures and electric fields to the relaxor ferroelectric. Akin to the pyroelectric
measurements above, applying a sinusoidally-varying current at 1ω that locally heats the
heterostructure via Joule heating (red curve, Figure 5.7b) results in the temperature of the
heterostructure varying sinusoidally at 2ω with an amplitude that depends on the magnitude
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Figure 5.7: (a) Schematic of the pyroelectric Ericsson cycle showing the various isothermal
and isoelectric processes. The total energy density per cycle is given by the area of the
closed loop,

∮
E.dP (shaded region). (b) Example of the implementation of the Ericsson

cycles wherein the temperature of the heterostructure is sinusoidally varied by ∆T = 70K
(blue curve) at 40Hz by applying a sinusoidally varying current (red curve) at 20Hz that
locally heats the heterostructure via Joule heating. (c) A periodic electric field E(t), phase-
synced (delayed by φ) with the heating current is applied across the relaxor ferroelectric to
complete the cycle. (d) In response to the periodically-varying temperature and electric field,
the resulting current (blue curve) is measured and the change in polarization is calculated by
integrating the current (orange curve). (e) Experimentally obtained changes in polarization
as a function of electric field for ∆T = 10 − 90K while keeping Tlow = 25◦C with ∆E =
267kV cm−1 at f = 40Hz.
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of the heating current (e.g., ∆T = 70K; blue curve, Figure 5.7b). A synchronized periodic
electric field E(t) is applied across the heterostructure in a nearly square-wave fashion (Figure
5.7c). In our devices, isothermal polarization and depolarization is achieved by switching
the electric field exactly where the temperature achieves its extrema thereby approximating
steps 1→ 2 and 3→ 4 of the ideal Ericsson cycle (Figure 5.7a). In other words, the electric
field changes from high to low or vice-versa while the temperature goes through a maximum
or a minimum with less than 5% change in the temperature. This was achieved by delaying
the application of electric field by a phase φ with respect to the heating current to account for
the thermal phase lag using the measured phase lag from the 3ω method (Figure 5.3b).This
small, but finite, 5% temperature-change window was chosen so as not to change the electric
field using a step function that results in a very large capacitive current saturating our current
to voltage amplifier. In response to the periodically-varying temperature and electric field,
the resulting current shows two features, respectively: 1) a background pyroelectric current
and 2) dielectric current spikes (blue curve, Figure 5.7d). The measured total current can
then be numerically integrated to calculate the change in polarization, ∆P (t) (orange curve,
Figure 5.7d). However, it should be noted that the electrode area for collecting the dielectric
current (Aelectrode) is larger than the area getting heated or the effective area for collecting
the pyroelectric current (Aheater), therefore the net change in polarization is calculated by
separately integrating the current using the respective areas as

∆P (t) =
1

Aheater

∫ t

0

ip(t)dt+
1

Aelectrode

∫ t

0

id(t)dt (5.1)

To separate the current contribution from the change in capacitance (dielectric
current id(t)) versus the pyroelectric current (ip(t)), the heating is turned off (ih(t) = 0)
to measure just the dielectric current only. Since the dielectric current does not change
dramatically as a function of temperature under large applied field (due to quenched dielectric
permittivity), this dielectric current is subtracted from the total measured current to get the
pyroelectric current. Using equation 5.1, ∆P (t) is calculated and further plotting ∆P (t) vs
E(t) gives the pyroelectric Ericsson cycle with the cyclic loop (Figure 5.7a).

Using this approach, plots of ∆P (t) vs. E(t) yield a familiar representation of
the pyroelectric Ericsson cycle such as, for example, how the response changes for various
magnitudes of ∆T = 10− 90K (maintaining Tlow = 25◦C, ∆E = 267kV cm−1, and cycle fre-
quency f = 40Hz; Figure 5.7e). We further conducted pyroelectric energy conversion cycles
at higher frequencies also; 400 Hz (Figure 5.8a) and 1000 Hz (Figure 5.8b). Examination of
data at all cycling frequencies reveals that upon increasing the magnitude of ∆T , the area of
the cycle in P−E space increases as more heat is converted into electrical work (

∮
E.dP ).The

thin-film geometry of our devices also enables application of both larger electric fields and
faster temperature oscillations as compared to bulk ceramics or single crystals, allowing us to
explore the pyroelectric energy conversion potential across a range of experimental conditions
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at f = 1000Hz.

(∆T = 10− 110K, ∆E = 33− 400kV cm−1, and cycle frequency f = 10− 2000Hz). Follow-
ing an initial optimization within these parameter ranges, the PMN-0.32PT thin films are
shown to provide record-breaking pyroelectric energy conversion, including: 1) The largest
energy density of 1.06 J cm−3 (at ∆T = 90K, ∆E = 267kV cm−1, and f = 40Hz; Figure
5.9a) which is made possible because of the large field induced value of π and the ability
to apply large electric fields maximizing the electrical work (

∮
E.dP ). 2) The largest power

density of 526 W cm−3 (at ∆T = 56K, ∆E = 267kV cm−1, and f = 1000Hz; Figure 5.9b)
which is realized because the power density scales directly with cycling frequency, which can
be increased because the thermal time constant of the thin-film geometry is small. 3) The

largest scaled efficiency of 19% [
Thigh
∆T

∮
E.dP∫ Thigh

Tlow
C(T )dT

, where (
Thigh
∆T

)−1 is the Carnot efficiency,∮
E.dP is the net work done, and

∫ Thigh
Tlow

C(T )dT is the calculated heat input to the active

material with a temperature-dependent volumetric heat capacity C(T )][240] (at ∆T = 10K,
∆E = 267kV cm−1, and f = 40Hz; Figure 5.9c); a significant improvement over the highest
reported value of ∼ 5.4% for the same ∆T 15. It should be noted that for the current work,
C(T ) is assumed to change only with temperature[241, 242] and is assumed to be constant
with electric field[243] over the range studied herein.

For comparison, the energy outputs from the current work are compared to a num-
ber of experimentally-investigated energy and power densities extracted from previous studies
of pyroelectric energy conversion (Figure 5.9d). These works employed a variety of thermal
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various pyroelectric Ericsson cycles as a function of cycle frequency [40 Hz (blue), 400 Hz
(orange), and 1 kHz (red)] and ∆T while keeping Tlow = 25◦C with ∆E = 267kV cm−1. (d)
Comparison of the current work with experimentally-achieved energy and power densities
from a number of prior studies of pyroelectric energy conversion using thermodynamic cy-
cles. The superscripts B, C, and F correspond to bulk-ceramic, single-crystal, and thin-film
samples, respectively.

cycling methods, from pumping hot/cold fluids to immersing the pyroelectric material alter-
nately in hot and cold thermal baths,to study bulk-ceramic (Pb1xLax(Zr0.65Ti0.35)1x/4O314),
single-crystal (Pb0.99Nb0.02(Zr0.68Sn0.25T 0.07)0.98O317, Pb(Zn1/3Nb2/3)0.955Ti0.045O3,[93, 94]
Pb(Mg1/3Nb2/3)0.68T 0.32O3),[95] and thin-film (P(VDF-TrFE),[96–98] BaTiO3)[99] samples.
As compared to the current work, the ultimate performance of these prior studies was lim-
ited by aspects related either to the materials themselves (i.e., they had intrinsically low
pyroelectric coefficients) and/or to the functional form of the material (i.e., inability to ap-
ply large electric fields and slow thermal cycling). In the current work, we have created a
field-tuned, intrinsically-large pyroelectric coefficient in conjunction with a thin-film device
geometry. This thin-film geometry allows a number of important advantages over work in
bulk materials, including: 1) significantly larger sweeps of electric field (achieved with much
lower voltage (V ) in comparison to bulk materials) thus maximizing field-induced polariza-
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tion changes and work, 2) high-frequency, high-temperature-amplitude cycling to increase
power and work, respectively; and 3) significantly less heat input (Qin) is required to increase

the temperature of the lattice (since it scales with volume (∀) as Qin = ∀
∫ Thigh
Tlow

C(T )dT )
while still driving the same changes in the surface charge density with the applied volt-
age (V), which is equivalent to the electrical work done (which scales with area (A) as
W = ∀

∮
E.dP = A

∮
V.dP since electric field is simply due to the applied voltage). Thus,

said another way, the advantage of doing pyroelectric energy conversion with thin films is
that the effects scale with just the area of the device, not the volume. Ultimately, this places
pyroelectric thin films (here corresponding to an effective ZT = 1.16) as a very promising
candidate for low-quality waste heat energy harvesting, on par with thermoelectrics.

5.6 Conclusions and outlook

Large | π |> 550µCm−2K−1 under an application of dc electric field is obtained
in PMN-0.32PT thin films owing to a strong field-induced enhancement of the average po-
larization and polarization rotation. The same electric field also suppresses εr by ¿70%
which, in turn, enhances the FoMPEC by ∼ 5 times in comparison to zero-field values and
standard pyroelectric materials. Ultimately, implementation of solid-state pyroelectric Er-
icsson cycles yields a maximum energy density, power density, and scaled efficiency of 1.06
J cm−3, 526 W cm−3, and 19%, respectively; the highest values reported to date for pyro-
electrics. The implications of this work are multifold: First, these results suggest that there
could be novel routes to enhance pyroelectric response in materials. Much as field-induced
polarization enhancement and rotation were used herein to augment the response, other
field-induced routes to large effects should also be considered (e.g., field-induced domain and
phase structure evolution, field-induced defect reorientation and motion, etc.). This could,
in turn, greatly expanding the number of candidate materials for pyroelectric energy conver-
sion. Second, this work reveals the importance of expanding the study of pyroelectric energy
conversion in thin-film versions of materials since this process scales inherently with material
area, not volume. At the same time, thin films permit operation at both high electric fields
and thermal oscillation frequencies which can further enhance energy and power outputs.
Finally, this work suggests that pyroelectric energy conversion can potentially compete with
thermoelectrics, in particular, for energy harvesting from low-grade waste heat.
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Chapter 6

Electrothermal Effects in Novel
Ferroelectric Materials - HfO2

In this Chapter, I investigate the pyroelectric and electrocaloric response in ultra-
thin films of Si-doped HfO2 that have recently been shown to exhibit ferroelectricity. Zero-
field pyroelectric response confirms that the material does exhibit broken-inversion symmetry.
Further, field-dependent pyroelectric measurements reveal electrical-switching of polarization
supporting the existence of ferroelectricity in these thin films of Si-doped HfO2. In addition,
the pyroelectric response is found to exhibit a wake-up behavior like the wake-up phenomenon
observed in the ferroelectric polarization with electric-field cycling. From the measurement of
the polarization-electric field hysteresis loops, this wake-up phenomenon is attributed to the
presence of defect dipoles which explains the measured pyroelectric response. Finally, direct
electrocaloric measurements are on these Si-doped HfO2 thin films reveal an electrocaloric
coefficient ∼4 times larger in magnitude as compared to the pyroelectric coefficient. This
enhancement is explained using the plausible role played by defect dipoles that contribute
to additional configurational or dipolar entropy.
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6.1 Introduction

While research continues to mount evidence to prove the existence of intrinsic fer-
roelectricity in the simple binary oxide HfO2, pyroelectricity, the requisite property that
confirms a polar phase in which ferroelectricity can occur has remained largely unexplored.
Probing the temperature-dependent changes in the spontaneous polarization (the pyroelec-
tric effect or PEE) would therefore, not only prove if the point-group symmetry of the crystal
permits ferroelectricity,[244] but also gauge the extent of the susceptibility of the polarization
to any change in the temperature. Prior reports[245] using indirect measurement techniques
has claimed the existence of an exorbitantly large PEE in Si-doped HfO2 attributed to a
temperature-driven phase transition, while more recent work using a phase-sensitive detec-
tion technique[24, 25] on Zr-doped HfO2[246] and Si-doped HfO2[247, 248] has shown that
PEE in these simple fluorite structures is rather modest. Furthermore, since any pyroelec-
tric material also exhibits the electrocaloric effect (ECE), there is growing interest to explore
how much an electric field can perturb the dipolar entropy and therefore the temperature
in this CMOS-compatible system. Recent work on Zr-doped HfO2 thin films, using indirect
measurement techniques (which are often misleading as they are readily confounded by spu-
rious contributions in thin films),[163] have also suggested the existence of a large ECE.[249]
Despite this observations, however, a plausible mechanism for the large values has remained
elusive calling into question the veracity of such reports. A detailed study, leveraging the
extensive infrastructure developed in this thesis, is therefore essential to develop a deeper
physical insight into the electrothermal response and to explore the potential for pyroelectric
energy conversion[91, 250] and electrocaloric solid-state cooling[14] in this new lead-free and
CMOS-compatible ferroelectric.

HfO2 has various polymorphs in the bulk depending on the pressure and temper-
ature. Under atmospheric pressure, temperature-induced phase transitions from monoclinic
(P21/c) to tetragonal (P42/nmc) and finally to a cubic (Fm3m) phase occur at 1973 and 2773
K, respectively.[251] All these phases possess a center of inversion symmetry and are therefore
non-polar. A polar orthorhombic phase (Pca21), energetically very close to the non-polar
monoclinic phase at room temperature,[252] can however be stabilized under different me-
chanical[253–255] and chemical environments. First stabilized with Mg-doping,[256] different
dopants including Al,[257] Gd,[258] La,[259] Si,[260] Sr,[261] and Y[262] have been shown to
stabilize ferroelectricity in HfO2-based systems. In the case of Si-doped HfO2, the ferroelec-
tric polarization, however, requires a so-called “wake-up” process[263] wherein an initially
constricted ferroelectric hysteresis behavior relaxes and the remnant polarization enhances
after electric-field cycling.[264] This is analogous to the phenomena observed in BaTiO3 single
crystals[265, 266] and PbZr1−xTixO3 ceramics,[267, 268] where point defects (vacancies) can
occupy energetically favorable sites in the bulk lattice,[265, 266] domain walls,[269] or grain
boundaries[270] and form defect dipoles or complexes that create a restoring force favoring
a certain direction of spontaneous polarization. Recent work on thin films of Si-doped HfO2
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Figure 6.1: Schematic illustration showing the fabrication of the electrothermal device
through the various processing steps (a-e). (f) Cross-section view of the final device showing
the various layers in the heterostructure. .

has reported the presence of defect dipoles due to non-homogeneously-aggregated oxygen va-
cancies that can cause the as-grown ferroelectric domains to preferentially polarize in order

to screen the internal bias field.[271] Since, the pyroelectric susceptibility
[
πi =

(
∂〈Pi〉
∂T

)
E

]
strongly depends on the net polarization [〈Pi〉], any change in 〈Pi〉 due to the presence
of defects can significantly alter the pyroelectric response. Furthermore, since the defects
can alter the permissible configurational states for the polarization,[272, 273] the additional
dipolar entropy change can constitute a novel mechanism for electrocaloric susceptibility[
Σi =

(
∂S
∂Ei

)
T

]
.

In this work, we investigate the PEE and ECE in 10-nm-thick films of Si-doped
HfO2 (Si:HfO2). High-frequency localized heating was employed to measure the pyroelectric
coefficient (π) directly using phase-sensitive detection (Chapter 3).[36] By systematically
waking-up the polarization using bipolar electric field cycling, we investigate the evolution
of π. By measuring the wake-up-cycle-dependent ferroelectric-electric field hysteresis loops,
the presence of defect dipoles in thin films of Si:HfO2 is established. In turn, the role
of defect dipoles in effecting π is illustrated. Finally, direct measurements are conducted to
measure the electrocaloric susceptibility (Σ) for the first time in these ultrathin Si:HfO2 films.
Comparison between π and Σ reveals a significant deviation from the Maxwell relations (Σ
is larger than ∼4 times larger than expected for the measured value of π), suggesting that
defect dipoles/complexes can potentially contribute to the high-field electrocaloric response
through field-driven rearrangement.
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6.2 Device Fabrication

Electrothermal devices were fabricated using the as-received rapid-thermal-
annealed 10 nm TiN/10 nm 5.88 mole% Si-doped HfO2/ 10 nm TiN heterostructure on
doped Si wafers (see footnote; Figure 6.1). Briefly, 30 nm platinum was first sputtered on
the as received metal-ferroelectric-metal tri-layer heterostructure (Figure 6.1a) after litho-
graphically patterning a 30020 µm2 rectangular top electrode (Figure 6.1b) to enhance the
electrical conductivity of an otherwise poorly conducting TiN top electrode. The top TiN
was etched away (using SF6 plasma-based reactive ion etching) using the above platinum as
a hard mask from everywhere except the active device (30020 µm2 rectangular area) to define
the ferroelectric capacitor geometry with the bottom TiN and silicon wafer serving as the
bottom electrode and the platinum on the top TiN serving as the top electrode (Figure 6.1c).
A 200-nm-thick blanket layer of SiNx was deposited using plasma-enhanced chemical vapor
deposition (SiH4 + NH3 based) and was selectively etched (using SF6 plasma-based reac-
tive ion etching) leaving an electrically-insulating layer on the ferroelectric capacitor (Figure
6.1d). Finally, a 50-nm-thick layer of platinum was sputtered to define the thermal charac-
terization circuit (akin to a 4-point probe pattern) and the contact pad to access the top
electrode (Figure 6.1e). Note that the thermal characterization circuit does not electrically
short with the capacitor circuit underneath (Figure 6.1f).

6.3 Understanding the Pyroelectric Effect in

Si-doped HfO2 Thin Films

6.3.1 Measurement of Pyroelectric Susceptibility

To probe the pyroelectric response in the Si-doped HfO2 heterostructures, a 10
mA (rms) sinusoidal heating current was sourced into the microfabricated platinum heating
line. 3ω-measurements were conducted to estimate the resulting temperature change in the
ferroelectric (Si-doped HfO2) (Figure 6.2a). Since the substrate (doped-silicon wafer) is elec-
trically conducting, it is necessary to ensure that there is no electrical cross-talk between the
thermal circuit and the top/bottom electrode of the ferroelectric capacitor. Therefore, ad-
ditional experiments were conducted to check if the response at the 3rd harmonic frequency
scales with the cube of current[173] and that the calculation of the amplitude of the oscil-
lating temperature change is accurate. It can be seen that the response at the fundamental
frequency (1ω) scales linearly (Figure 6.2b) and the one at the 3rd harmonic (3ω) scales as
per the cubic law (Figure 6.2c) above 1 kHz. Henceforth, the pyroelectric measurements
reported in this Chapter are conducted using a 10 mA (rms) heating current at a frequency
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Figure 6.2: (a) Measured temperature oscillation (θHeater) and the thermal phase lag (φ)
between the heating current and the temperature change in the heater line as a function of
frequency. (b) Scaling of the 1st harmonic and (c) 3rd harmonic voltage signal with varying
the heater current as a function of heating frequency.

of 1 kHz (1ω). This heating current results in a temperature oscillation of 0.61 K (rms) at 2
kHz (2ω) as calculated using the measured value of the temperature coefficient of resistance.

Subsequently, π is calculated using π = ip
(
AdT

dt

)−1
where ip is the measured pyroelectric

current and A is the area of the sinusoidally-heated cross-section of the device.

Polarization-electric field hysteresis loops were first measured on the as-grown de-
vice (having subjected the heterostructure to zero electric-field cycles or a DC bias) using a
Precision Multiferroic Tester (Radiant Technologies) that employs a virtual ground method.
The ferroelectric hysteresis loops reveal a distinct “pinched” characteristic (Figure 6.3a) as
has been observed in the prior reports on Si-doped HfO2 thin films.[260, 263, 274, 275] This
pinched or constricted hysteresis loop has often been attributed to antiferroelectric behavior
in Si-doped HfO2 thin films[274, 276–278] in contradiction to the proposed explanations at-
tributing the double-hysteresis behavior to the defect-induced internal bias fields.[279] The
presence of either an antiferroelectric behavior or defect-induced pinning/back-switching of
ferroelectric domains should manifest in the pyroelectric response as well. Antiferroelectric
ordering should result in a zero value of π under zero bias while back-switching of ferroelec-
tric domains due to defect-pinning should result in a reduction of π below the coercive field.
To investigate this phenomenon, pyroelectric measurements were conducted while sweeping
the background DC electric field. It can be seen that the magnitude of both ip (Figure 6.3b)
and π (Figure 6.3c) under zero DC electric field (shown as a shaded red circle and marked
as the starting point of the field sweep using a black arrow) is non-zero confirming that the
pinched hysteresis loop is not due to antiferroelectricity in the material. As the magnitude
of the DC electric field in increased, the magnitude of both ip (Figure 6.3b) and π (Figure
6.3c) increases in comparison to the zero-field response. This field-induced enhancement in
π is possibly due to the increase in the net polarization due to 180◦ switching of ferroelectric
domains. It should, however, be noted that the zero-field response of π after saturation under
a high-bias does not trace back the original path (compare ip and π under zero electric field
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Figure 6.3: (a) P-E measurements showing a pinched or constricted hysteresis loop. (b)
Pyroelectric current (ip) and (c) pyrocoefficient (π) measured as a function of the background
DC electric field, at 1 kHz. The black arrows in the figures show the starting point of the
measurement.

with the starting values shown as a shaded red circle). This suggests that the switched fer-
roelectric domains do not completely switch back after the electric-field is removed, in-turn,
suggesting that the polarization in the ferroelectric has progressively woken-up as the bias
is applied.

The field-dependent pyroelectric measurements additionally enable the quantifica-
tion of the contribution from the temperature-dependent change in the relative dielectric
permittivity (εr). Under a background DC electric field (E) applied along the direction of
polarization (z direction), π is enhanced by additional contributions which can be mathe-
matically expressed as

π =
∂P

∂T
=
∂Pr
∂T

+ ε0E
εr
∂T

(6.1)

where P is the net polarization under an electric field and Pr is the remanent po-
larization. Depending on the sign of ( εr

∂T
), the contribution from the temperature-dependent

change in εr can either enhance or diminish the π. This contribution is particularly im-
portant for pyroelectric energy conversion where the thermodynamic cycles usually involve
temperature changes under electric field. From the current work, it can be seen, that under
an applied electric field the magnitude of ip (Figure 6.3b) and π (Figure 6.3c) first increases
to a maximum and then starts to diminish. The initial increase is due to an increase in the
degree of alignment of the ferroelectric domains. Once the domains are aligned, increase
in the electric field results in the reduction of π due to the competing contribution from
the (ε0E

εr
∂T

) term which is mathematically positive (permittivity increase with temperature)
while the (∂Pr

∂T
) term which is mathematically negative.
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Figure 6.4: (a) P-E measurements conducted after cycling the device for 2 (red), 2k (yellow)
and, 200k (blue) cycles. (b) Measured pyroelectric coefficient (π) as a function of the number
of wake-up cycles. The red dashed-line shows an empirical logarithmic fit to the measured
data. (c) Pyroelectric-retention measurements conducted on samples after for 2 (red), 2k
(yellow), and 200k (blue) wake-up cycles.

As shown earlier (Figures 6.3b and 6.3c), the application of a E enhances π due to an
increase in P . Since the polarization can be woken-up with electric-field cycling, pyroelectric
measurements were conducted as a function of the number of the wake-up cycles. To achieve
a systematic increase in Pr the devices were field-cycled using a sinusoidal electric field with
an amplitude of 4 MV cm−1 at a frequency of 1 kHz. The ferroelectric hysteresis loops
for the as-grown state and after 2,000 and 200,000 cycles are shown (red, yellow, and blue
curves, respectively, Figure 6.4a). Immediately after the wake-up, π was measured (Figure
6.4b). It can be seen that both Pr and π increase with the number of electric-field cycles;
Pr increases from ∼5 µC cm−2 (red data, Figure 6.4a) to ∼10 µC cm−2 (blue data, Figure
6.4a) and π increases from ∼-13 µC m−2 K−1 to ∼-27 µC m−2 K−1 (dashed line shows an
empirical logarithmic dependence,[263] Figure 6.4b). Both the pinched hysteresis loop and
an imprinted hysteresis loop (as seen in Figure 6.4a) are signatures of the presence of defect
dipoles in oxide ferroelectrics.[265, 280] Therefore, a possible explanation to the observed
ferroelectric and pyroelectric susceptibility with field-cycling in the current work can be
related to the presence of defect dipoles.

6.3.2 Role of Defect Dipoles on Ferroelectric and Pyroelectric
Susceptibility

In general, a defect dipole is a reference to any defect complex formed out of
oppositely-charged point defects in a lattice that couple such that their association reduces
the free energy of the system.[281, 282] In ferroelectrics, such defects have been reported to
be comprised of some acceptor defect (e.g., an oxygen vacancy pair)[264] or a donor defect
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(e.g., a cation vacancy pair).[280] Recent work on Si-doped HfO2 has revealed the presence of
charged oxygen vacancies[283] and the possibility of the formation of a defect dipole/complex
due to an interfacial chemical reaction between the HfO2 and TaN (or TiN).[271] The ob-
served ferroelectric switching response can, therefore, be interpreted by considering a scenario
where the defect dipoles (with a net polarization PD) contribute to the overall polarization
(Pr = Pi + PD) where Pi is the intrinsic polarization of Si-doped HfO2. Since the dipolar
interaction between the defect dipoles and the intrinsic polarization in the lattice energeti-
cally favors a parallel alignment of PD and Pi,[265, 280, 281] a much smaller measured value
of Pr in the as-grown state (red data, Figure 6.4a) indicates that the defect dipoles have a
near-equal probability of pointing in the up- and down-direction. Consequently, a certain
fraction of Pi within the range of interaction with the defect dipole remains coupled or prefers
to remain parallel-aligned with PD.

During a single ferroelectric switching process, the defects do not switch due to their
slower migration kinetics. In turn, they provide a restoring force to the adjacent intrinsic
polarization that had switched under the applied electric field, to back-switch once the field
is removed causing a pinched hysteresis loop.[265] The near-equal distribution of the up-
and down-pointing defect dipoles causes the net built-in potential across the ferroelectric to
be zero and therefore a negligible horizontal offset or imprint (red data, Figure 6.4a). After
repeatedly electrically cycling the ferroelectric, however, the as-grown defect orientation
can be altered. The imprint in the measured ferroelectric hysteresis loops after 200,000
cycles (blue data, Figure 6.4a) is indicative of a net non-zero built-in potential across the
ferroelectric suggesting that the probability of the up- and the down-pointing defect dipole
is no longer near-equal and that the defect dipoles are now largely pointing in a single
preferred direction. A positive horizontal offset along the electric-field axis indicates that
under zero applied electric-field, an up-pointing or −Pr-state is favored. Back-switching now
happens after poling the ferroelectric in the +Pr state only. Consequently, the pinching in
the ferroelectric hysteresis loop is reduced. The pyroelectric susceptibility, likewise, shows
an increase as Pr increases (Figure 6.4b).

To check the stability of the pyroelectric response after waking-up the polarization,
pyroelectric-retention measurements were conducted. Here, after poling the ferroelectric
with a bipolar triangular pulse after a varying number of wake-up cycles, π was measured as
a function of time. It can be seen that π decreases with time for all cases of wake-up cycling
(2, 2,000, and 200,000 cycles shown in red, yellow, and blue color, respectively, Figure 6.4c).
This suggests that the up-pointing alignment of the defect dipoles slowly relaxes back to the
state where some of the defect dipoles have flipped to be down-pointing.
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Film/Substrate Thermal conductivity Specific heat capacity
k (Wm−1K−1) C(T ) (Jm−3K−1)

Si:HfO2 1.0 a 2.76× 106 b

TiN 2.7 c 3.47× 106 c

SiNx 2.0 d 1.16× 106 e

Si 120 f Assumed as 1.6× 106 f

Table 6.1: Thermophysical properties (at 300 K) of the various thin films and substrates
used in the thermal transport calculations. a Ref. [284]; b Ref. [285]; c Ref. [286]; d Ref.
[36]; e Ref. [207]; f Ref. [287]

6.4 Understanding the Electrocaloric Effect in

Si-doped HfO2 Thin Films

6.4.1 Measurement of Electrocaloric Susceptibility

With an understanding of PEE, we proceed to investigate ECE in Si-doped HfO2

thin films. Using the same device structure as for measuring the PEE, ECE measurements
were conducted by applying an AC electric-field to measure the electrocaloric-temperature
change. Briefly, a sinusoidally varying electric-field was applied across the ferroelectric het-
erostructure at 98.147 kHz. In response to the AC electric-field perturbation, the resulting
sinusoidal temperature oscillation in the ferroelectric was measured using an AC sensing cur-
rent with a magnitude of 2 mA at a frequency of 2.317 kHz applied across the top line. The
electrocaloric response (manifested as an AC voltage) was measured at 98.147-2.317=95.830
kHz. Using the temperature coefficient of resistance, the AC temperature change in the top
metal line (θSensor) was calculated and subsequently used to calculate Σ after solving the
1-D heat transport model using the thermophysical properties of the heterostructure (Table
1).

Beginning with the as-grown heterostructures (exhibiting ferroelectric hysteresis
loop response shown as red data, Figure 6.4a), θSensor was measured as a function of increas-
ing AC electric-field perturbation. The maximum bipolar electric field applied to perturb
the entropy of the system was limited to 1.25 MV cm−1. This was done for two reasons; 1)
to ensure that the ferroelectric does not switch and, 2) to ensure that the polarization in the
ferroelectric is not woken-up by applying a bipolar electric field. It can be seen that θSensor
scales linearly with the applied electric-field (red squares, Figure 6.5a). Using the thermal
transport model (see Appendix B), Σ was calculated (shaded red circles, Figure 6.5b). Next,
the sample was cycled with electric field 2,000 times to wake up the polarization (see fer-
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Figure 6.5: (a) Measured temperature change of the top metal line (θSensor) and the calcu-
lated value of the electrocaloric coefficient (Σ) on samples after for 2 (red), 2k (yellow), and
200k (blue) wake-up cycles. (b) Comparison of Σ with π as a function of number of wake-up
cycles.

roelectric hysteresis loop shown in yellow, Figure 6.4a). Similar to the as-grown sample,
θSensor scaled linearly (yellow squares, Figure 6.5a) with the applied AC electric field while
Σ remained field-independent (shaded yellow circles, Figure 6.5a). Finally, the same sample
was subjected to 200,000 electric field wake-up cycles (see ferroelectric hysteresis loop shown
in blue, Figure 6.4a) and θSensor (blue squares, Figure 6.5a) and Σ were measured (shaded
blue circles, Figure 6.5a). It can be seen that Σ does not change with repeated electric-field
cycling.

In general, for ferroelectrics with 180◦ domain structures, the domains where the
spontaneous polarization is aligned with the electric field exhibit conventional ECE (applica-
tion of field reduces the dipolar entropy or increases the lattice temperature). The domains
where the polarization is anti-aligned with the applied electric field exhibit an inverse ECE
(application of field increases the dipolar entropy or decreases the lattice temperature).[36]
In the current scenario, the as-grown sample exhibits a reduced value of Pr suggesting the
presence of near-equal magnitude of up-pointing and down-pointing polarization in the sam-
ple. Therefore, the ECE for such a case should exhibit a much lower value than measured.
As such, ECE should have increased with the number of wake-up cycles, but in the current
case ECE remains independent of the number of wake-up cycles. This is in sharp contrast
to π which steadily increases as Pr increases (Figure 6.5b). Additionally, the magnitude of
Σ is ∼4 times larger than what is expected for the measured value of π. From the Maxwells
equivalence of π and Σ under a constant-stress boundary condition, and a higher magnitude
of π than Σ for mechanically clamped thin films,[35] the results (Figure 6.5) suggest that
the ECE very likely involves additionally contributions to the change in the entropy due to
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the presence of defect dipoles.

6.4.2 Role of Defect Dipoles on Electrocaloric Susceptibility

A plausible explanation to the enhanced ECE in the presence of defect dipoles is
explored here. First, in the case of an equal distribution of up- and down-pointing defect
dipoles (as in the case of the as-grown heterostructures with pinched ferroelectric hysteresis
loops, red data in Figure 6.4a), the intrinsic polarization accesses more configurations than
a homogeneously-poled ferroelectric, thus having a higher entropy. Under the application
of an electric field, the intrinsic polarization is poled along the direction of the applied
electric-field thus reducing the dipolar entropy. As the field is removed/reversed (without
a net switching of the ferroelectric), the back-switching of some fraction of the intrinsic
polarization makes the system configurationally disordered again resulting in a higher ECE
in comparison to a case where the polarization would not have back-switched. Thus, in
presence of defect dipoles with a propensity to point equally in both the directions, the
entropy under a zero-field state is higher than the case if there was no additional disorder
imposed by the defect dipoles. Next, when the defect dipoles are largely aligned to point
in the same direction after the wake-up cycles (in the case of the heterostructure with an
unpinched, but imprinted ferroelectric hysteresis loop, blue data in Figure 6.4a), application
of electric field again aligns the intrinsic polarization along the direction of applied electric
field. As the electric field is removed/reversed, however, a significant fraction of the intrinsic
polarization back-switches again making the dipolar state more disordered than a scenario
where there exists no back-switching. Thus, in both the cases, the presence of defect dipoles
provides more configurations in the zero-field state causing additional entropy changes.

6.5 Conclusion

To summarize, the pyroelectric and electrocaloric response was investigated in 10-
nm-thick Si-doped HfO2 films. Pyroelectric measurements support the existence of fer-
roelectricity which was evident from the switching of polarity of the pyroelectric current.
Field-dependent pyroelectric measurements additionally provided the magnitude of contri-
bution from the temperature-dependent change in the dielectric permittivity. By measuring
the ferroelectric susceptibility as a function of wake-up cycles, the presence of defect dipoles
was suggested. In turn, the wake-up phenomenon exhibited in the pyroelectric response was
explained. Finally, direct electrocaloric measurements were conducted on HfO2-based thin
films for the first time. The measured values of the electrocaloric coefficient were found to
be ∼4 times larger in magnitude in comparison to its thermodynamic-converse pyroelectric
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coefficient. The enhancement in the ECE was explained using the plausible role played by
defect dipoles that contribute to additional configuration or dipolar entropy.
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Chapter 7

Summary and Suggestions for Future
Work

In this Chapter, I will summarize the key results from all the Chapters in this
dissertation. Building off of the work in the previous Chapters, I will discuss the possible
ways in which the current work can be broadly extended into a few important studies.

7.1 Summary of Findings

7.1.1 Summary of Chapter 1

Chapter 1 served as an introduction to the major themes of this dissertation. Be-
ginning with a systematic outline of crystal symmetry, a class of polar materials called py-
roelectrics was formally introduced. The physical phenomena exhibited by these materials
constitute the core of this dissertation. The thermodynamic converse of PEE, ECE, was then
introduced. The various secondary contributions due to cross-coupled ferroic susceptibilities
were then discussed. This was followed by an in-depth discussion of how electrothermal
effects have been/are measured in materials with an emphasis on what makes the character-
ization of such effects extremely challenging in the case of thin films. The nature of both the
electrothermal susceptibilities was then discussed in case of ferroelectrics where these effects
are typically stronger in comparison to dielectric materials exhibiting pyroelectricity. The
discussion then led itself into the possible routes and pathways by which electrothermal sus-
ceptibilities can be enhanced. Starting with the nature of electrothermal susceptibilities in
the vicinity of ferroelectric-to-paraelectric phase transitions, various extrinsic contributions
that can enhance PEE and ECE were introduced. This included a discussion of the struc-
tural phase transitions in the ferroelectric phase where either rotation of polarization within
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a domain or reconfiguration of domain structures under an application of either temperature
or electric field can yield significant enhancement in the electrothermal susceptibilities. Fi-
nally, the technological relevance of these materials was discussed with major focus on two
broad, but related applications, pyroelectric energy conversion and electrocaloric cooling.

7.1.2 Summary of Chapter 2

Chapter 2 introduced the synthesis and structural characterization of complex-
oxide thin films of the type predominantly used in this dissertation. Using the prototypical
ferroelectric PbZr0.2Ti0.8O3 as an example, pulsed-laser deposition was introduced as a non-
equilibrium growth technique to synthesize epitaxially-strained version of functional oxide
thin films. In particular, this Chapter introduced the growth process while highlighting the
observation of strain-induced growth instabilities and nanoscale-surface patterning. Struc-
tural characterization techniques like scanning-probe force microscopy, X-ray diffraction,
and TEM, key to the characterization of the structure of ferroelectric thin films, were intro-
duced. Using scanning-probe force microscopy, a growth-mode transition from 2D-step flow
to self-organized, nanoscale 3D-island formation in PbZr0.2Ti0.8O3/SrRuO3/SrTiO3 (001)
heterostructures was observed. With an understanding of the strain relaxation measured
using X-ray RSMs it was found that with increasing film thickness more dislocations were
nucleated causing more ripples on the surfaces. Using TEM, the formation of misfit dislo-
cations at the buried film-substrate interface was confirmed. Using linear elastic theory, it
was shown that the array of misfit dislocations modulated the strain field that altered the
adatom binding energy resulting in inhomogeneous adsorption kinetics causing preferential
growth at certain sites.

7.1.3 Summary of Chapter 3

Chapter 3 introduced a direct technique developed for measuring PEE and ECE in
epitaxial thin films. Here, an electrothermal-test platform was demonstrated wherein local-
ized high-frequency periodic heating and highly sensitive thin-film resistance thermometry
allow for the direct measurement of pyrocurrents (< 10 pA) and electrocaloric temperature
changes (< 2 mK) using the “2-omega” and an adapted “3-omega” techniques, respectively.
Frequency-domain, phase-sensitive detection permitted the extraction of the pyrocurrent
from the total current, which is often convoluted by thermally-stimulated currents. The
wide-frequency-range measurements employed in this Chapter also illustrated the effect of
secondary contributions to pyroelectricity due to the mechanical constraints imposed by the
substrate. Similarly, measurement of the ECE on the same device in the frequency domain
allowed for the decoupling of Joule heating from the ECE. A one-dimensional, analytical
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heat-transport model was developed to characterize the transient temperature profile of the
heterostructure to extract π and Σ.

7.1.4 Summary of Chapter 4

Chapter 4 investigated the role of epitaxial strain and, in turn, the effect of
ferroelastic-domain structures on the electrothermal (both PEE and ECE) and electrome-
chanical susceptibility in thin films of the canonical tetragonal ferroelectric PbZr1−xTixO3

system. Using a combination of scanning-probe-based microscopy and X-ray diffraction,
a systematic evolution of ferroelastic domain structure with epitaxial strain was observed.
Phase-field models predicted the same structures as observed experimentally and additionally
provided a detailed insight into the nature of competing energies (Landau, elastic, electric,
and gradient) that lead to the formation of a region of negative curvature in the free-energy
and strain landscape. It was found that in this region of negative curvature, the ferroelectric
domain structures exhibit a strain-induced spinodal instability that results in spontaneous
partitioning of epitaxial strain into competing c/a and a1/a2 domain structures. These
competing domain structures were found to exhibit a large extrinsic contribution to the
electrothermal susceptibility where a continuous domain interconversion with respect to ei-
ther temperature and electric field provided previously unexplored ways to enhance PEE and
ECE in ferroelectric thin films. Further, the energetically-degenerate states were leveraged to
achieve large field-driven electromechanical response. Using band-excitation piezoresponse
force microscopy, a facile interconversion of different ferroelastic variants was acoustically
detected. The ferroelastic switching process was found to exhibit a two-step, three-state
switching (out-of-plane polarized c+ in-plane polarized a out-of-plane polarized c− state)
which was concomitant with large non-volatile electromechanical strains ( 1.25%). It was fur-
ther demonstrated that deterministic, non-volatile writing/erasure of large area patterns of
this electromechanical response is possible thus showing a new pathway to improved function
and properties.

7.1.5 Summary of Chapter 5

Chapter 5 explored pyroelectric energy conversion from low-grade thermal sources
that exploited strong field- and temperature-induced polarization susceptibilities in the re-
laxor ferroelectric 0.68Pb(Mg1/3Nb2/3)O3-0.32PbTiO3 thin films. Electric-field-driven en-
hancement of pyroelectric response (as large as -550 µC m−2 K−1) and suppression of di-
electric response (by 72%) were found to yield large figures of merit for pyroelectric energy
conversion. Field- and temperature-dependent pyroelectric measurements revealed a quan-
titative measure of the maximum contribution from polarization rotation. In turn, the
measurements revealed that the enhancement from the zero-bias pyroelectric response under
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a background DC bias arose primarily from the field-induced enhancement of the average
polarization either by aligning the polarization within the domains or re-alignment/growth
of the domains. Finally, solid-state, thin-film devices that convert low-grade heat into elec-
trical energy were demonstrated using pyroelectric Ericsson cycles to yield an optimized
maximum energy density, power density, and efficiency of 1.06 J cm−3, 526 W cm−3, and
19% of Carnot, respectively; the highest values reported to date and equivalent to the per-
formance of a thermoelectric with an effective ZT ≈ 1.16 for a temperature change of 10
K.

7.1.6 Summary of Chapter 6

Chapter 6 investigated PEE and ECE in ultra-thin films of Si-doped HfO2 that
have recently been shown to exhibit ferroelectricity. Zero-field pyroelectric response con-
firmed that the material does exhibit broken-inversion symmetry. Further, field-dependent
pyroelectric measurements revealed the electrical-switching of polarization supporting the
existence of ferroelectricity in these thin films of Si-doped HfO2. The pyroelectric response
was found to exhibit a wake-up behavior like the wake-up phenomenon observed in the fer-
roelectric polarization with electric-field cycling. Measurement of the polarization-electric
field hysteresis loops revealed signatures of the presence of defect dipoles that were found to
be the origin of the observed wake-up phenomenon in both the ferroelectric and pyroelectric
response. Finally, direct electrocaloric measurements were performed on these doped HfO2

thin films systems for the first time. Measurement on Si-doped HfO2 revealed Σ values ∼4
times larger in magnitude as compared to π. This enhancement is explained using the plau-
sible role played by defect dipoles that contribute to additional configurational or dipolar
entropy.

7.2 Suggestions for Future Work

Although the work presented in this dissertation spawned several interesting scien-
tific ideas, there are a few that particularly demand investigation to advance the broad field
of electrothermal physics in oxides. A few key ideas conceived during this dissertation are
discussed below.

1. Coupled Caloric Effects in Ferroic Thin Films

In multiferroic materials and heterostructure, caloric effects can exploit multiple
sources of entropy and be driven by either single or multiple stimuli.[288] Over the last few
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years, there has been a flurry of research on multiferroic/magnetoelectric materials. Re-
searchers have been driven by the promise of coupling between the magnetic and electrical
order parameters and the potential to manipulate one with the other.[289] One promising
candidate is the type 2-2 composite multiferroic where the two ferroic orders are coupled via
strain. An applied electric field creates a piezostrain in the ferroelectric, which produces a
corresponding strain in the ferromagnet and a subsequent piezomagnetic/magnetostriction-
induced change in the magnetization.[290] Coupling like this is particularly useful for mag-
netocaloric materials which otherwise would require large magnetic fields (1-10 T) changing
at the fast time scales (which is difficult to achieve with high magnetic fields).

Such coupled caloric effects can be achieved in FeRh/PMN-PT heterostructure.
FeRh exhibits a first-order metamagnetic phase transition between the antiferromagnetic-
ferromagnetic order resulting in a giant negative magnetocaloric effect[291] (∆ S = 20 J
K−1kg−1 and ∆T = 13 K, in a 2 T magnetic field) near room temperature. FeRh is a
highly competitive magnetocaloric material as the transition is associated with unit-cell
volume expansion by 1% thereby tapping additional entropy change from the elastocaloric
effect. Prior work on magnetoelectric coupling between FeRh on BaTiO3[292, 293] and PMN-
PT[294] substrates has revealed the possibility of full magnetic phase switch. However, the
use of single-crystal substrates in these works is not feasible due to cracking and an ultimate
failure of the driving piezoelectric on repeated cycling. Therefore, thin films with high
lateral piezoelectric coefficient are most desirable. With this idea, thin films of FeRh can be
synthesized on thin films of PMN-0.32PT (composition corresponding to MPB and known
to exhibit large piezoelectric effect). Electrothermal devices can be fabricated using the
approach developed in Chapter 3 of this dissertation. The only exception to the design
would be to replace the metallic top electrode with FeRh which will function not only as a
conducting top electrode but also like a magnetocaloric layer actuated with the underlying
relaxor ferroelectric PMN-PT.

2. Hybrid E- and H-Field Solid-State Cooling Cycles for Fully-Reversible
Phase Transitions

As noted above, FeRh exhibits a first-order metamagnetic phase transition and
therefore the magnetic-phase transition is associated with a hysteretic response. Such hys-
teretic response is not desirable in energy-conversion applications where the area within the
hysteresis loop corresponds to irrecoverable thermal losses. While the irreversibility and hys-
teresis losses in other materials exhibiting a first-order magnetic transition has been reduced
by chemical doping, such effects have remained elusive in case of FeRh. Recent work on
FeRh on BaTiO3 single-crystal substrates has revealed that the application of electric (E)
field in conjunction with a magnetic (H) field can reduce the magnetic hysteresis and allow
for full reversibility of the phase transition.[295] With the realization of the heterostructure
desirable for measuring the coupled magneto-electrocaloric effect (as described above), the
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effect of applied H-field in conjunction with the E-field on the reversibility of the magnetic
phase transition can be studied. In turn, by optimizing the phase-difference between the
applied periodic E- and H-fields, the net workdone can be maximized.

3. Probing Electrothermal Susceptibility in Free-Standing Ferroelectric Thin
Films

1. Understanding the Contribution from Secondary PEE and ECE

Electrothermal susceptibilities in ferroic materials are strongly dependent on the stress
and strain imposed on the system. The response in bulk and thin films is, therefore,
different with respect to the mechanical boundary conditions. Often, the net magnitude
of the pyroelectric and electrocaloric response is reduced in the case of thin films
due to the secondary contributions from the piezoelectric effect. Therefore, a free-
standing film in the form of a cantilever or a membrane can, in part, relieve the
substrate-induced strain on the film and could therefore enhance the electrothermal
susceptibilities. Such a system can be designed in the following two ways: 1) Complete
lift-off of the ferroelectric heterostructure using a sacrificial layer and a subsequent
transfer onto a PMMA stamp[296] that reduces the effects of clamping, or 2) growth
of the ferroelectric heterostructure onto a substrate that consists of a hole or a trench
(fabricated via a through-etch) to reduce the clamping effect.

2. Improvement in Pyroelectric Energy Conversion

Besides these mechanical effects, free-standing thin films also changes the heat trans-
port through the heterostructure. Removal of the substrate below the ferroelectric thin
film imposes an adiabatic boundary at the free-standing surface. In turn, no heat is
exchanged between the film and the substrate in the cross-plane configuration. This
significantly enhances the process of pyroelectric energy conversion where the absorbed
heat is almost completely confined to the free-standing ferroelectric thin film and there-
fore the magnitude of temperature rise in the thin film can be much more than in the
case with a substrate attached for the same heat input. Again, by adopting the fab-
rication approach proposed above, the heat transport can be manipulated to confine
the temperature oscillation to just the functional ferroelectric layer and to extract the
maximum workdone.

3. Design Improvement in the ECE Measurement Technique

The free-standing thin film form also permits a more sensitive characterization of ECE.
As discussed in Chapter 3 of this dissertation, the heat transport during the charac-
terization of ECE is bidirectional, i.e. heat is transported to the top metal sensor
line and also down to the substrate. With the design of a free-standing device as pro-
posed above, the adiabatic boundary at the free-standing thin-film surface will force
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the heat transport to the unidirectional and therefore, again for the same magnitude
of the ECE heat flux the temperature rise of the top sensor line will be higher than the
current scenario. This will dramatically improve the sensitivity of the characterization
technique.

4. Probing ECE in Relaxor Ferroelectric Thin Films

In Chapter 5, it was shown how rotation of polarization can contribute to the net
pyroelectric susceptibility in relaxor ferroelectric 0.68Pb(Mg1/3Nb2/3)O3-0.32PbTiO3 thin
films. As shown in Chapter 5, such a polarization rotation can be achieved via an applica-
tion of an electric field. The entropy change due to such a phase transition can result in
extrinsic contributions to ECE. Using the same thin-film heterostructure as used in Chap-
ter 5, temperature-dependent ECE measurements can elucidate how much can polarization
rotation under an applied electric field contributes to the electrocaloric susceptibility. By
systematically investigating how ECE changes with the crystallographic orientation of the
film ((001)-, (101)- or (111)-oriented) with respect to the application of electric field, the
effect of polarization rotation can be controlled, in turn, their contributions to the net ECE
can either be enhanced or completely turned off. It should be noted that direct measurements
of ECE in relaxor ferroelectrics is especially important because the compositional disorder
keeps the system in non-equilibrium and the use of Maxwell equation equating π and Σ is
not valid.

5. Understanding Electrothermal Susceptibilities in Compositionally-Graded
Ferroelectric Thin Films

Electrothermal effects have almost always been studied in the vicinity of phase tran-
sitions[42] as the susceptibilities (second-order derivatives of the free energy) are maximized
about the transition temperature. This has led the calorics community to explore ways to
tune the transition temperature near the desired temperature of application via composi-
tion[297] or epitaxial strain[57] (in case of thin films). Little has been done, however, to
fundamentally alter the polar order or the nature of the phase transition to produce larger
susceptibilities across a wide range of temperature. This is important as any thermodynamic
cycle of electrocaloric refrigeration requires a large entropy change over a broad temperature
range (refrigeration capacity,[298] C =

∫ Thot
Tcold

∆SdT ). Relaxors constitute one such promis-

ing class of candidate materials with a broad phase transition.[299] In classic ferroelectrics,
however, similar effects are not common, but can potentially be engineered through the pro-
duction of compositionally-graded versions. In a simple scenario, the compositionally-graded
ferroelectric can be thought of multiple ferroelectric layers stacked in series, each with its own
TC resulting in a material with broad transition temperature and, in turn, large susceptibil-
ities throughout the entire temperature range. Such a scenario is, however, too simplistic.
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Gradients in polarization lead to non-vanishing electric field, the so-called depolarization
field, across the entire thickness of the film that works to even out the polarization across
the film thickness.[300] However, in real materials the presence of additional charge screen-
ing mechanisms (for example, space charges) can reduce the depolarization field causing the
polarization in any differential film thickness to be decoupled from the rest, resulting in TC
being highly smeared across the TCs of the end member composition. The average polariza-
tion across the entire ferroelectric in such a case is predicted (via GLD models) to change
almost linearly with temperature. This should result in enhanced and near-constant value
of electrothermal susceptibilities across a wide temperature range. However, PEE being a
surface effect is sensitive to the top or bottom most composition of the graded ferroelectric.
Experimental investigation can therefore develop a clear understanding of how the “loosely”
coupled layers in a compositionally-graded ferroelectric effect its electrothermal susceptibil-
ity and if such gradients in composition or strain can provide novel routes to enhance the
PEE and ECE in thin-film ferroelectrics.

6. Probing Extrinsic PEE and ECE in Mixed Vortex-Ferroelectric Superlattices

The coexisting toroidal phase and the ferroelectric phase in symmetric
PbTiO3/SrTiO3 superlattices[301] is subject to phase competition under a temperature
and/or electric-field stimuli. Temperature-induced phase transitions between the vortex
and the a1/a2 phase allows for significant changes in the polarization that can result in large
extrinsic contributions to pyroelectric susceptibilities. It should, however, be noted that in
case of superlattice structures, the pyroelectric measurement should be performed in the in-
plane configuration to collect the pyroelectric current from all the polar layers. A device like
that developed in Chapter 3 can be used to measure the in-place pyroelectric current with a
few modifications. These include a change in the ferroelectric electrode configurations which
should now be embedded into the ferroelectric superlattice. The thermal transport model
(both analytical and finite-element-based) should be appropriately modified. Additionally,
the reversible electric-field induced switching between the vortex and the a1/a2 phase can
allow for large entropic changes providing a novel route to electrocaloric susceptibility.

7. Role of Point Defects (Defect-Dipoles or Complexes) on ECE

In Chapter 6 of this dissertation, the possible role of defect-dipoles on the elec-
trocaloric susceptibility was illustrated. Briefly, it was hypothesized that defect-dipoles gen-
erate internal electric and elastic fields that have a strong impact on the accessible configura-
tional or dipolar entropy. Recent work using molecular dynamics simulation has shown that
the ECE in BaTiO3 at high temperature (above the Curie temperature) can be increased in
the presence of defect dipoles oriented parallel to the external electric field while a negative
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ECE can be induced by defect if the direction of the external electric field is anti-parallel
to the orientation of defect dipoles.[272] Such a phenomena can be probed directly in thin
films of BaTiO3 where a high density of defect dipoles can be controllably generated using
a high-fluence (high-energy) pulsed laser deposition.[302] Comparison of the ECE response
between the samples with and without defect dipoles will unequivocally illustrate the role of
defect dipoles on ECE.
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Appendix A

Pulsed Laser Deposition of Complex
Oxide Thin Films

In the last decade, complex oxide thin-films have established themselves as a class of
materials exhibiting a plethora of exotic functional properties. At the heart of the functional
properties of such materials lies the ability to controllably synthesis them to realize the
correct structure that enables the desired functional property. Among the various growth
techniques for the synthesis of functional complex-oxide thin films, pulsed-laser deposition
(PLD) has rapidly grown to become a technique of choice since its use in the growth of high
temperature superconductors at Bellcore in 1987.[303] The concept of PLD, however, began
when the development of high-power lasers that triggered the idea of ablating materials
using short wave-pulses with a low wavelength. With further developments in the vacuum
technology and in-situ monitoring techniques like RHEED (Reflection High Energy Electron
Diffraction) and scanning probe microscopy during the growth process, PLD has established
itself as a workhorse in thin-film epitaxy. As it stands today, it enables control of growth at a
unit-cell level including non-equilibrium growth of superlattices and nanostructures, permits
control of stoichiometry, crystallinity, and epitaxial strain.[304]

The working principle of PLD is relatively simple. A laser pulse when incident on
a ceramic material (referred to as the target) creates a plasma plume containing the atomic,
molecular and ionic species of the target composition. Under a low pressure created inside
a vacuum chamber, this plume is directed towards a heated substrate such that deposition
occurs on the substrate (Figure A.1). The process of plasma formation, propagation towards
the substrate, plume chemistry, and the growth dynamics are quite complex and an optimal
growth of the desired material composition, phase and crystallinity therefore requires control
over a wide variety of experimental parameters.[304] These include the temperature of the
heated substrate, chemistry of the gas environment (ozone, oxygen, atomic oxygen, etc.),
gas pressure, and energy density and flux from the laser pulse. Ultimately, the technique
offers a wide range of thermodynamic and kinetic variables to access the growth conditions
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Figure A.1: Schematic illustration of the Pulsed Laser Deposition process

of a wide variety of complex-oxide materials. The effect of various growth parameters will
be discussed in the rest of this Appendix.

The process of PLD begins with the interaction of an electromagnetic laser-pulse
with the material that depends on the optical, topological and thermodynamic properties
of the interacting material (target). The electromagnetic energy of the incident laser pulse
first converts into electronic excitation. The absorbed photons excite the electrons that are
thermalized on a timescale of picoseconds followed by the melting of the target surface and
conduction of heat into the bulk It should be noted that the incident energy from the laser
is localized into a very small volume with an area less than 0.1 cm2 and a penetration depth
of a few nanometers to a few tens of nanometers depending upon the wavelength of the
incident laser and the refractive index of the target. Ultimately, vaporization occurs and the
multiphoton absorption causes ionization of the gaseous phase forming plasma. This entire
procedure from absorption to ionization occurs within 10-100 picoseconds. This plasma
consists of a mixture of atoms, molecules, electrons, ions, and even solid particulates. With
a typical pulse duration of 10-100 ns with a laser wavelength, λ = 248 nm (for KrF excimer
laser), the incident energy is above the ablation threshold of the constituents of the target.
This makes the evaporation congruent, and PLD a highly efficient thin-film growth process
with near-stoichiometric transfer of material from the target to the substrate. However, if
any element of the target is more volatile than the rest, or if the plume is not thermalized,
the less-volatile element will be enriched in the film resulting in a non-stoichiometry. In
addition, if the sticking coefficient of an element is significantly different from the other or
an element has a tendency to resputter, the stoichiometry is not preserved. Therefore, the
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target material is enriched in the more volatile element (for example the use of 10% excess
Pb in the PbZr1−xTixO3, and ()1-x)Pb(Mg1/3Nb2/3)O3-xPbTiO3 targets materials used for
this dissertation work).

After ablation, the otherwise dense plasma, rapidly expands under vacuum to create
a highly directional plume of material directed towards the heated substrate due to coulomb
repulsion and recoil from the target surface. This plume has two components. The first
component has considerable thermal energy and tends to be off-stoichiometric. The shape
of this plume exhibits a cosθ distribution. The other component is more stoichiometric, and
has a lobe shape that has a cosn θ distribution (n = 5 to 10).[304] This plume has a large
kinetic energy (∼ 100 eV). This large kinetic energy along with the high temperature of the
substrate provides the adatoms enough mobility to diffuse on the surface. Growth, from this
point onwards, can proceed in three different modes: 1) Volmer-Weber or island growth,
2) Frank-Van der Merwe or layer-by-layer growth, and 3) Stranski-Krastanov growth.[305]
Volmer-Weber island growth occurs when many stable clusters nucleate on the surface of
the film and the subsequently deposited material has a strong preference to bond to the
preexisting nuclei compared to the substrate surface, making well defined islands. This is
most common when depositing dissimilar materials or onto a substrate with a high surface
energy. Frank-Van der Merwe layer-by-layer growth has the opposite premise. In layer-by-
layer growth the deposited material prefers to bond to the substrate and/or a preexisting
step edge than to bond on top of a previously formed layer, tending to form 2D planar layers.
The final growth mechanism Stranski-Krastanov growth represents a combination of these
two mechanism where initially the adsorbed adatoms prefer to grow layer-by-layer. After a
few layers however, the preference for layered growth no longer exist, giving way to three
dimensional island growth.
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Appendix B

Description of Heat Transport Models

B.1 Pyroelectric Effect

B.1.1 One-Dimensional Heat Transport Model

The full solution to the heat diffusion equation for a heater-on-substrate geometry
is solved in cylindrical coordinates. With the addition of thin films on top of the substrate,
it is reasonable to approximate the heat transport through the films as one dimensional so
long as the heater half-width, b (5 µm), is greater than the total thickness of the film stack
(< 0.5 µm). An exact quantification of the error1[170] in making this assumption caps the
error in our model at less than 5%.

The steady, periodic solution to the one-dimensional heat diffusion equation is well-
described by Carslaw and Jaeger,[171] so many of the details will be skipped here. However,
the transport matrix method for practical application of the solution will be described in
detail. Starting from the analytical solution to the heat diffusion equation, heat transport
across a single domain can be written via vector multiplication as

[
θd
qd

]
=

[
cosh(γd) − 1

kγ
sinh(γd)

kγsinh(γd) cosh(γd)

] [
θ0

q0

]
(B.1)

where γ =
√

jω
D

, j = (−1),k is the material thermal conductivity, and d is the

layer thickness. Recursive application of this transport matrix scheme can thus be used to
describe one-dimensional heat flow across several domains. That is,
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2

2

a b c

Figure B.1: (a) Schematic showing the difference in the effective heating cross-section
(2beffL) and the area collecting pyroelectric current (2belectrodeL). (b) Example FEA 2D
contour plot of the temperature amplitude, θ(x, z), for the specific geometry studied and at
a heating frequency f = 1000 Hz . (c) Typical line trace θ(x) through the ferroelectrics mid-z
plane.

[
θN
qN

]
= MNMN−1...M1

[
θ1

q1

]
(B.2)

where MN is the transport matrix for the specified layer, containing the appropriate
layer properties. Given any two of the temperatures or fluxes at either end of a domain, the
other two can be found using this method.

In the PEE measurement scheme depicted in Figure 3.3c, we measured the tem-
perature amplitude (complex value) at the top surface of the stack, θH , using the 3-omega
method, and the heat flux at the top surface, qH , is just the AC power dissipated per unit
area. These values are used to walk down the stack and thus determine the temperature
amplitude at several positions within the stack. The key insight is to note that any single
domain may be divided into an arbitrary number of sub-domains, allowing for the calculation
of desired values at any height within the stack. Note, also, that interfaces between layers
have been modeled as thin layers (∼1 nm) with low thermal conductivity (1 W m−1 K−1)
and small heat capacity (105 J m−3 K−1).
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B.1.2 Accounting for Lateral Spreading of Heat within the 1-D
Heat Transport Approximation in Pyroelectric
Measurements

To be rigorous in the extraction of π, we also account for lateral heat spreading in
the films since the effective area of the ferroelectric heated via the oscillating temperature
on the top heater line with area 2bheaterL is not necessarily the same as the electrode area
2belectrodeL used to measure the pyroelectric current (Figure B.1a). Therefore, an effective
current-collecting area is defined as 2beffL, where beff is the effective half-width of the heater
line. The most robust way to eliminate heat spreading concerns would be to fabricate a thin
film mesa so the heater, top electrode, and all layers in between have the same half-width.
This would force the heat conduction to be truly one dimensional and bheater = belectrode.
However, microfabricating a mesa of this sort can be quite challenging and was deemed
impractical in the present work, so instead a numerical finite element analysis (FEA) package
was employed to evaluate the appropriate geometric correction to π (Figure B.1b).

The temperature amplitude of the ferroelectric film does not vary by more than a
few percent through the films thickness (the z-direction, Figure B.1a), but the temperature
profile does vary significantly along the x-direction. For a one-dimensional, non-uniform
profile such as this the total measured pyrocurrent is rigorously defined as

ip = πA
dT

dt
= πL2ω

(
2

∫ belectrode

0

θ(x)dx

)
(B.3)

where θ(x) is the temperature amplitude of the ferroelectric response at the z plane
halfway through its thickness, the time derivative of the temperature amplitude (corrected for
the phase lag) has been taken explicitly giving a factor of 2ω, and the extra factor of 2 arises
because the integral only accounts for half of the electrode width. The measured temperature
amplitude used to determine π is 〈θFE〉. Note that 〈θFE〉 is determined from 〈θFE〉 and is
therefore an estimate of the average temperature amplitude of the ferroelectric only out to
bheater whereas ip is collected via the electrode with a larger half width (belectrode > bheater)
necessitating a correction.

The goal of using FEA is to determine an effective half-width, beff , that properly
combines the disparate belectrode and bheater in such a way as to return the rigorous definition
of the pyrocurrent, ip. Mathematically, this requirement corresponds to

πL2ω2beff 〈θFE〉 = πL2ω

(
2

∫ belectrode

0

θ(x)dx

)
(B.4)
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beff =

∫ belectrode
0

θ(x)dx

〈θFE〉
(B.5)

Because 〈θFE〉 is

〈θFE〉 =
1

b

∫ bheater

0

θ(x)dx (B.6)

we have found the result sought

beff = bheater

∫ belectrode
0

θ(x)dx∫ bheater
0

θ(x)dx
(B.7)

The above equation shows that beff is simply the heater half-width, bheater, mul-
tiplied by the ratio of two integrals. Appropriately employing FEA can give θ(x) at any
height in the stack and can therefore be used to solve for the numerical factor (the ratio of
the two integrals) in beff .

Using a commercial FEA package, COMSOL Multiphysics R©, the 2D time-periodic
heat diffusion problem can be solved and the temperature amplitude θ(x, z) can be used to
evaluate the integrals. The COMSOL R© heat transfer module does not have a clean interface
for working with time-periodic problems and the Coefficient Form PDE module proves to be
significantly easier to work with and simulations run noticeably faster. Given the variable
of interest, θ, the generic coefficient form PDE equation in COMSOL R© is

ea
∂2θ

∂t2
+ da

∂θ

∂t
+∇.(−c∇θ − αθ + γ) + β.∇θ + αθ = f (B.8)

Careful inspection of the equation above reveals that for ea = da = α = γ =
β = f = 0, the PDE simply reduces to the time-periodic heat diffusion equation with
a = ρc and c = k, where c is the volumetric heat capacity [J m−3 K−1] and k is the
thermal conductivity [W m−1 K−1]. It is easiest to employ this FEA model in the half-
space x ≥ 0, as symmetry about x = 0 is expected. This equation can then be used to
solve for the complex temperature amplitude, θ(x, z), with appropriate boundary conditions
(i.e., uniform periodic heat flux from the heater and adiabatic boundaries elsewhere). The
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Figure B.2: Correction factor
beff
bheater

as a function of frequency for the specific geometry
studied. Changing the thermophysical properties of the materials will cause the line to shift
up/down and may affect the steepness of the decay, but the general trend (decreasing as a
function of frequency) will remain.

FEA solution was verified against the analytical solution for the average heater temperature
amplitude, θheater.[169] The magnitude of the complex integrals in Equation B.7 are found
and their ratio determined for the given system with properties specified in Table 1 and for
many frequencies, as can be seen in Figure B.2.

B.2 Electrocaloric Effect

The 1-D heat transport model used for the PEE measurements can be extended to
account for a heat source of finite thickness in the middle of a material stack in case of ECE
measurements. A 1-D model is valid here because the heater (ferroelectric) half width (b=5
µm) is much greater than the total thickness of the film stack (< 0.5 µm) and thus there
is minimal lateral spreading within the substrate. Beginning with the transport matrices
defined by equation (B.1) for each layer in the stack, we can build up a formalism for the
internal heat generation.

Considering the stack in Figure 3.4c, differential heat generated at an infinitesimal
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layer dz at height z, diffuses up toward the surface of the stack and also into the substrate.
This allows the stack to be divided into two sub domains: the upper (1) and lower (2) half
of the stack, relative to height z within the ferroelectric. From these considerations we have
three equations,

dqtot = dq1 + dq2 (B.9)

[
θt
dqt

]
=

[
A1 B1

C1 D1

] [
θz
dqz1

]
(B.10)

[
θb
dqb

]
=

[
A2 B2

C2 D2

] [
θz
dqz2

]
(B.11)

where the subscript t represents the properties of the bottom surface of the sensor,
b the properties of the bottom surface of the substrate, z the properties of the ferroelectric
layer at the prescribed height of interest, 1) the total transport matrix (i.e., the recursive
multiplication of the M matrices for the relevant domains)) for the upper domain, 2) the
analogous transport matrix for the lower domain, and qtot is the total flux generated by the
infinitesimal layer.

The fluxes at the top surface (adiabatic) and the bottom surface (semi-infinite) are
zero. This allows us to write:

C1θz +D1dqz1 = 0 (B.12)

C2θz +D2dqz2 = 0 (B.13)

Applying the conservation of flux, equation (B.9), to these equations leads to

θz =

(
−D1D2

C1D2 + C2D1

)
(B.14)

The volumetric heat generated within the ferroelectric when exposed to an oscillat-
ing electric field, G, is defined by equation (B.11). Using equation (B.12), the temperature
response at any plane in the ferroelectric can be calculated by
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θz = G

∫ dFE

0

(
−D1D2

C1D2 + C2D1

)
dz (B.15)

Equation (B.15) can be applied to the top and bottom surfaces of the ferro-
electric layer to determine the average temperature oscillation in the ferroelectric, θFE =
1
2

(θz=0 + θz=dFE).

We can further extend this matrix formalism to determine an explicit expression
for the temperature at the top surface of the stack (i.e. the temperature measured by the
sensor). From equation (B.10) and (B.12),

θt = A1θz +B1dqz1 = A1θz +B1

(
−C1

D1

)
θz (B.16)

Finally, combining (B.15) and (B.16),

θt = G

∫ dFE

0

(
B1C1 − A1D1

C1D2 + C2D1

D2

)
dz (B.17)

We see in equation (B.17) the complete expression used to relate the surface tem-
perature measured by the heater line (θsensor) to Σ.
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