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RETAINED AUSTENITE AND TEMPERED MARTENSITE EMBRITTLEMENT IN MEDIUM 

CARBON STEELS. 

M. SARIKAYA, A.K. JHINGAN, AND G. THOMAS 

ABSTRACT: 	 Electron microscopy, diffraction and microanalysis, X-ray diffrac- 

tion, and auger spectroscopy have been used to study quenched and 

quenched and tempered 0.3% carbon low alloy steels. Some in-situ 

fracture studies were also carried out in a high voltage electron 

14 	

microscope. 

Tempered martensite embrittlement (IME) is shown to arise prim-

arily as a microstructural constraint associated with decomposi-

tion of interlath retained austenite into M 3C films upon temper-

ing in the range of 250°C-400°C. In addition, intralath Widman-

statten Fe3C forms from epsilon carbide. The fracture is trans-

granular with respect to prior austenite. The situation is anal-

ogous to that in upper bainite. This TME failure is different 

from temper embrittlement (TE) which occurs at higher tempering 

temperatures (approximately 500 0 C), and is not a microstructural 

effect but rather due to impurity segregation (principally su.l - 

phur in the present work) to prior austenite grain boundaries 

leading to intergranular fracture along those boundaries. Both 

failures can occur in the same steels, depending on the tempering 

conditions 

I NTRODUCT ION 

1 	 It has already been shown that TME in experimental 0.3% C and commercial 

structural steels (such as AISI 4340) 13 is associated with decomposition 

M. Sarikaya and A.K. Jhingan are graduate students, and G. Thomas is 
Professor Of Metallurgy, Department of Materials Science & Mineral Engin- 
eering, University of California, Berkeley, CA 	94720. 
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of retained austenite into carbides. However, the correlation of micro-

structural and morphological changes with mechanical properties, espec- 

ially fracture, still requires some elucidation. It is the objective of 
	

14 

the present work to examine these details using characterization tech- 
& 

niques including electron microscopy, diffraction, microanalysis, X-rays, 

and Auger spectroscopy. The steels chosen are based on alloys designed 

to combine attractive combinations of strength and toughness. 4  They are 

primarily low alloy steels of approximately 0.3% C, so as to provide 

dislocated lath martensite and interlath retained austenite upon quench-

ing from the austenite range. 	The basis for the design of these steels 

is described elsewhere. 4 ' 5  

The mechanical properties, especially fracture, of these steels depend 

strongly upon composition and temperature for tempering above approximate-

ly 250°C. Sudden troughs in the toughness (measured as Charpy V-notch 

impact energy or plane strain fracture toughness 6 ) vs. tempering tern-

perature curves are observed either in the vicinity of 350°C temper-

ing15 ' 717  or 500°C tempering, or both, depending on the alloying addi-

tions (e.g., Cr, Mn, Mo, Ni, Si, etc.), extent of impurity content 

(e.g., 5, P, Sb, Sn, As) and the history of the heat treatments, espec-

ially austenitizing temperature. This embrittlement 1 ' 8 ' 18  subsequently 

causes an increase in the ductile-to-brittle transition temperature 

(DBTT) of the steels. 

The embrittlement which occurs with tempering in the vicinity of 500°C 

is called "500°C embrittlement" or more generally "temper embrittiement" 

(TE) which is usually attributed to the segregation of impurity elements 

to the prior austenite grain boundaries causing predominantly intergran-

ular fracture (with respect to preaustenite grain boundaries8'9'11'12'18). 
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This embrittlement commonly occurs in low purity commercial steels, and 

the extent and the temperature of the embrittlement depends on the impur-

ity level in the bulk alloys. The embrittlement on tempering near 350°C 

is termed "tempered martensite embrittlement" 

Since this embrittlement can be found in high purity vacuum-melted alloys'' 2  

it is not considered to be controlled by impurities. In the case of TME 

the fracture path is quasi-cleavage, transgranular with respect to the 

prior austenite grains, and having a morphology characteristic of the 

underlying packet lath martensite structure. There are some controversies 

regarding the details of the mechanism of TME, namely whether it is im-

purity controlled1113 ' 17 , whether it depends on the tempered intralath 

carbides (e.g., epsilon-cementite transition) and rapid coarsening, or is 

due to decomposition of the interlath retained austenite films leading 

to microstructures similar to brittle upper bainite. 1  These interlath 

carbides may either provide crack nucleation sites 1 ' 14 ' 16 ' 22  and/or easy 

crack paths. 1 ' 3 ' 4 ' 15  

The beneficial effects of retained austenite films, which remain after 

quenching at the martensite lath boundaries, on the toughness values 1 ' 4 ' 5 ' 22  

can thus be lost due to its decomposition on tempering, concurrent with 

TME in these steels. 5 ' 2427  It is the purpose of this paper to present 

more quantitative results on the effect of retained austenite decomposi-

tion on the IME and to distinguish this embrittlement from TE. 

EXPERIMENTAL PROCEDURE 

The experimental alloys were vacuum induction melted in 9.0 kg ingots 

and subsequently rolled to 2.5 cm thick, 6.25 cm wide, and 62.5 cm 
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long slabs, which were then homogenized at 1200°C for 24 hours in vacuum 

before furnace cooling. The compositions given in Table 1 were meas- 
V 

ured after homogenization. The C content of the alloys was measured 

after each austenitization process. The transformation temperatures, i.e., 

Ms, Mf, As, and Af (Table 1) were measured by standard dilatometry. 

Specimens for the mechanical tests were cut from the homogenized 

material and machined to blanks which were then austenitized at 1100°C 

for 1 hour in a vertical tube furnace under a dynamic argon atmosphere. 

Quenching was done in agitated oil. The resulting austenite grain sizes 

were 270, 180, and 300 pm for alloys Vi, V2, and V3, respectively. Isothermal and 

isochronal tempering treatments were done in a salt pot and then the 

specimens were quickly quenched into water. Final machining was done 

under flood cooling to avoid any heating. 

Standard ASTM size specimens were used to measure the Charpy V-notch 

impact energies 6  (the long axis of the test specimens was parallel to 

the rolling direction, and the base of the notch was perpendicular to the 

surface). Testing was conducted with a 224 ft-lb capacity impact machine 

at room temperature. Broken impact specimens were then examined for 

fractography in an AMR-1000 scanning electron microscope operated at 20 

kV. 	 r 

Microstructural examinations were conducted by optical and transmis-

sion electron microscopy (TEM) techniques. Thin foils for TEM were ob-

tamed from the broken impact specimens. Slices of * 0.020 inch (500 um) 

were cut longitudinally with a 1/32 inch (800 urn) thick abrasive 

wheel under flood cooling. 3 m discs were then "spark cut" from 
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these slices which were already chemically thinned to about 0.1 mm 

in 5% HF-H 202  solution. Discs were then carefully sanded down to about 

0.05 mm 	and then electropolished in a twin jet electropolishing appar- 

atus at room temperature in a chromic-acetic solution (75 gm Cr0 3  + 400 ml 

CH 3-CO6H + 20 ml H 20) at a voltage range of 40-45 volts and currents at 

50-55 milliamps. Carbide extraction replicas were prepared in the usual 

way from metallographically polished and overetched (in 5% nital) speci- 

mens. Transmission electron microscopy, diffraction, and microanalysis 28 ' 29  

were done on the Philips EM 301 and 400 microscopes operated at 100 U. 

Foils made from bulk heat-treated samples were deformed to fracture in- 

situ in a high voltage electron microscope* so that some idea might be 

obtained of the fracture mechanisms. Some results of this latter work 

were also reported recently at the Liverpool Conference. 3°  Quantitative 

X-ray microanalysis interpretation requires careful analysis for correc-

tions due to fluorescence, foil thickness, etc. 28 ' 29  In the present case 

the correction factors for Cr and Mn were found to be 1.43 and 1.30, 

respectively. 

Quantitative analysis of the amount of retained austenite was done by 

X-ray diffraction 3 ' using a Picker X-ray diffractometer with Cu K rad-

iation. This radiation allows better resolution to be made between mar-

tensite and austenite reflections. In the present work the reflections 

used for analysis were U121, {220}, and {200} martensite, and 2201, 

{311}, and {200} austenite. 

*A movie film has been made and is available from the authors. 



-7- 

Auger electron spectroscopy (e.g., Refs. 11,12) was used to analyze 

the fractured surfaces of the specimens exposed to different embrittle- 

ment conditions. Auger spectra were obtained using a primary beam of 

5 kV and 400 nanoamps, and a modulation signal of 15 KHZ and 6 volts, 

peak to peak. 

Field ion microscopy using atom probe analysis, especially to deter-

mine carbon distributions, was performed as described in Reference 32. 

RESULTS 

A. Microstructure 

The microstructure of the present steels is typical of that of pac-

ket martensites, now very well described in the literature. At the 

light optical level (Figure 1) as-quenched steels consist of packets of 

martensite within the prior austenite. At the electron optical level, 

these packets consist of parallel dislocated laths, thin films of inter- 

lath retained austenite and autotempe.red intralath carbide - mostly epsilon. 

A typical example of the retained austenite is given in Figure 2 and finer details 

down almost to atomic resolution, have been made by field ion atom probe,the 

results which have been published recently 32 ' 33  and so will not be repeated here. 

Tempering at 200°C does not change this microstructure appreciably. 

Retained austenite still exists (untransformed) at the lath boundaries, 

but in alloys Vi and V3 the epsilon carbides are completely transformed 

ln 	
to Fe3C (Figure 3) as evidenced by selected area microdiffraction and 

trace analysis. On the other hand, a mixture of both,c - and Fe 3C car-

bides have been observed in the Ni containing alloy4 ' 5 (i.e., V2). 

Drastic changes occur in the microstructures when the alloys are tempered 

at higher temperatures. After tempering 1 hour, at 300°C the retained 



austenite no longer exists in the 2% Mn alloys because it decomposes in-

to stringers of interlath carbides. The carbides within the laths grow 

larger (Figure 4) retaining the {110} Widmanstatten arrangement, whereas 

in the nickel steel (V2), the austenite decomposition reaction is corn-

pleted after 1 hour at 400°C. The carbides formed as a result of this 

decomposition have the Fe 3C structure and possess a common orientation 

relationship, namely Bagaryatski, with the martensite matrix (Figure 4c). 

It is clear in this figure that the intralath carbides have grown larger, 

but also still have the {110} Widmanstatten arrangement as in the Mn alloy. 

Spheroidization in the alloys starts after 400°C tempering (1 hour), e.g., 

Figure 5. Higher tempering temperatures causes all carbides, both inter-. 

lath and intralath, to coarsen and dislocation recovery within the marten-

site laths becomes resolvable. Energy dispersive X-ray microanalysis was 

done on the extracted carbides (e.g., Figure 5d) using the STEM mode so 

that both inter- and intralath carbides could be examined. After all the 

appropriate corrections were done 28 ' 29 , chromium contents of more than 15 

wt% and Mn contents in excess of 3 wt% were found in the interlath car-

bides transformed from the retained austenite in specimens from alloy V3 

which were tempered at 400°C for 135 hours. These carbides are thus des-

cribed as M3C. This can be expected from the early work on diffusion of Cr, 

as described in Reference 34. However, no detectable alloying elements other 

than Fe and C were found in the intralath carbides, so these are concluded to 

be Fe3C. 
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B. Impact Energy Measurements 

The results of some of the Charpy tests are plotted in Figure 6. Tem-

pering the steels at 200°C. increased the toughness values considerably 

while there were no appreciable changes in the tensile strengths. 5  The 

abrupt changes occurring in the impact values areclearly seen. In alloy 

Vi, low impact values are obtained after tempering in the 300-500°C range, 

while only one minimum was detected in the case of the 2 Ni alloy (V2). 

The dark field TEM micrographs, inset in Figure 6, were taken from the 

Vi alloy corresponding to the tempering temperatures shown. While there 

are still continuous films of retained austenite present after 200°C tern-

pering, large carbides have formed at the lath boundaries after 300°C 

tempering, due to the decomposition of retained austenite. Spheroidiza-

tion of carbides (both interlath and intralath) occurs after 400°C tem-

pering. Similar microstructural changes are observed in the 2 Ni-

containing alloy except decomposition of the retained austenite starts 

above 300°C. 

In the 2 Mn alloy (V3), Charpy values were also measured in the iso-

thermally treated specimens, tempered at specific temperatures for long 

times (e.g., t1  >> 1 hour). The impact energy values and fracture data 

are given in Table 2 and Figure 7. High impact energy values are observed 

after both the 210°C (Table 2) and 240°C 0.5 hour tempering (Figure 7). 

However, as a result of the prolonged tempering, especially at 240°C, 

a large drop occurs in impact toughness. 
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Table 2. Impact Energies of the V3 Steel 

After the Heat Treatments shown 

I (°C) 	tT (hrs) 	 Impact Energy 
ft-lb 	 Joules 

Fracture Surface Appearance (on 
Fracture Mode) 

210 0.5 40.0 54.24 Ductile dimpled rupture. 

26 25.5 34.58 Mainly ductile dimpled rupture, 
partly quasi-cleavage 

240 0.5 42.5 57.63 Ductile_transgranular* 

16 16.0 21.70 Ductile-however, mostly quasi- 
cleavage 

400 0.5 15.5 21.02 Brittle-partly transgranular, 
partly intergranular* 

85 12.5 16.95 Mostly intergranular* 

135 12.0 16.27 II 	 II 

257 11.0 14.92 Completely intergranular* 

*Wjth respect to prior austenite grains 

C. Fractography 

The above changes in the impact values can be explained by studying the frac-

tured surfaces of the specimens using a scanning electron microscope. Results are 

summarized in Figure 8. This figure shows the typical ductile (Figure 8a-c), TME 

(Figure 8d,g,h) and TE (Figure 8f,j) fractures in the steels as a function of 

heat treatment. Tempering the Mn-containing alloy (V3) at 400°C for 0.5 hour, 	10 

resulted, not suprisingly, in the same kind of fracture surface appearance 

as it did when tempered at 300°C, that is mostly quasi-cleavage with many 

"ridges", which is associated with the TME. 	Tempering the same alloy at the 
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same temperature (i.e., 400°C) for very long times (e.g., 135 hours), 

changed the crack propagation path, that is to intergranular fracture with 

respect to the preaustenite grain boundaries (Figure 8f). This behavior 

is always observed in the classical "temper embrittlement" condition. 

Note, however, that this behavior was never observed in either steel 

after 1 hour-400°C tempering. Partly intergranular and partly trans-

granular (with respect to preaustenite grains) fracture surfaces were 

observed in the 2 Mn steels after 1 hour at 500°C, but after 1 hour at 

600°C the fracture became almost all intergranular (i.e., TE - Figure 

8i-j). Therefore, TE occurs after tempering the 2 Mn alloys at or 

above 500°C. The nickel containing alloy (V2) never showed total TE behavior 

as defined by total intergranular fracture. This is also expected from 

the shape of the curve in Figure 6. 

D. Spectroscopic Analyses 

Secondary electron spectroscopy and microscopy were employed on the 

isothermally aged specimens for chemical analysis of the fractured sur-

faces. There was no sulphur detected on the fracture surfaces of the 

specimens which were treated at low temperatures (e.g., 240°C) for long-

er times (e.g., 26 hours). On the other hand, as Figure 9 shows, sulphur 

segregation was detected at the flat intergranular facets on the frac-

ture surfaces of the specimens which were tempered at higher temperatures 

(e.g., 400°C) for longer times (135 hours). The fracture path is inter-

granular in this condition and is thus due to TE caused by sulphur im-

purity segregation. Thus, TME in these steels is not associated with 

this kind of segregation. 
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It should be noted here that even at 200 0 C tempering, there is a 

considerable amount of C partitioning and segregation at the tempered 

martensite/austenite interface. The C content increases to very high 

values (approximately 10 wt%) at local regions along the martensite-

austenite interfaces. Figure 10 shows an example of a C profile obtain-

ed from an actual atom probe analysis across the austenite/martensite 

interface in 2% Mn steel alloys after 1 hour at 200°C tempering. Here 

the C level is exceptionally high in austenite (>> nominal 0.3%) and 

low in the martensite. The local regions containing very high C levels 

may be the nucleation sites for the eventual carbides which form by de-

composition of retained austenite. 

The volume fractions of retained austenite were measured by X-ray 

diffraction after the various tempering conditions and a typical result 

is given in Figure 11. In the as-quenched (AQ) condition, 3-4 vol% 

retained austenite was detected in the specimens. However, after tempering 

the steels at 250°C for different times, the fraction of retained aus-

tenite decreased to very low values which could not be quantitatively 

evaluated with confidence. The results, however, are concurrent with 

the metallographic observations of the decomposition of retained aus-

tenite to interlath carbide and the onset of TME in the steels (Figures 

6 and 7). 

E. In-Situ Deformation 

Experiments have been performed by in-situ deformation to fracture of 

foils of AQ and tempered steels in a high voltage electron microscope 

and the fractures compared to bulk behavior. While the details will 

not be given here (see Ref. 30), the interesting results are that 
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fracture always occurred within and along the martensite laths following 

intense localized slip, but the zone size of deformation depends upon 

microstructure. In the TME condition the fracture is highly localized 

I. 	
due to the interlath carbides formed after decomposition of the austen- 

ite and which severely restricts slip within a given lath, together with 

the Widmanstatten intralath carbides which form on the {110} slip planes. 

Figure 12a schematically shows the main features. Although deformation 

of thin foils represents plane stress conditiOns which cannot be directly 

compared to bulk fracture tests, the results are consistent with the 

microstructural interpretation developed here. The fractographs (Figure 

8d, g-h) corresponding to TME are interpreted as being due to localized 

deformation and fracture along the lath axes as in Figure 12a, part 2, 

rather than interphase fracture at lath-interlath M 3C interfaces. 

Figure 12a is a schematic summary of the main in-situ fracture 

studies. When retained austenite is present, slip can easily cross from 

lath to lath via the austenite because {110}a parallels {111} and {11.0} 

are the likely slip planes in martensite. Consequently, the plastic zone 

can be large and slip is not restricted (Figure 12a, part 1). However, 

when the austenite decomposes into films of cementite this phase tends 

to block transfer of slip so that the plastic zone may be confined to a 

single lath (Figure 12a, part 2). On longer tempering, coarsening of 

this carbide may again permit transfer of slip from lath to lath (Figure 

12a, part 3) and the toughness should increase as observed, e.g., Figure 

7. 
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DISCUSSION 

As can be seen from the foregoing section, temper martensite embrit-

tlement occurring at 300-400°C tempering, is associated with the decom-

position of retained austenite into carbides at the lath boundaries due 

to its thermal instability. This instability arises because of the 

thermodynamical requirements associated with the carbon levels retained 

after quenching. 35  The main factors affecting fracture appear to be the 

size and distribution of the carbides (both inter- and intralath) and 

the effect of this microstructure on slip distribution and crack initia-

tion. This depends on tempering temperature. The coarsening of intra-

lath cementite is detectable in the Mn compared to the Ni-containing 

steels. These interlath carbides, formed when the retained austenite 

decomposed, must restrict slip within the laths, i.e., the carbides do 

not allow easy crossing of slip from lath to lath, unlike the situation 

before retained austenite decomposes. Hence, the crack initiation is 

also strongly influenced by the austenite decomposition. It should be 

noted that as far as this interlath morphology is concerned, the situa-

tion is very similar to that of upper bainite which also consists of 

laths and interlath carbide stringers. 

The question of crack initiation is very difficult to resolve in 

bulk specimens. In-situ studies of fracture in foils 30 ' 36  indicate 

that fracture occurs at localized, highly necked regions in a martensite 

lath, but the fracture path, though staying within a lath, does branch 

and other cracks nucleate in adjacent laths of packets, i.e., crack paths 

are highly dependent on the microstructure, as is of course the plastic 

zone. The situation is represented schematically in Figure 12a. Again, 
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it is emphasized that these results have been obtained in thin foils 

but the ideas suggested may have some merit in understanding fracture in 

bulk material. If the thin foil evidence is valid, then the dislocation 

interaction crack initiation model can be invoked as shown in Figure 12b. 

As a result of intense localized cross slip within a lath (the localiza-

tion depends again on the microstructure, notably the distribution of 

inter- and intralath carbides) and at slip intersections, immobile 

<110> dislocations can be formed which eventually raise the stress locally 

to the fracture level. Since the intralath carbides are on {110} traces 

the fracture is zig-zag along the fllO} foil plane. 

The in-situ results together with the absence of detectable impurity 

segregation (the auger data) in TME bulk specimens indicates that de-

cohesion due to an increase in interfacial energy due to impurities does 

not occur. 

In conclusion, therefore, it would appear in the steels under this 

current investigation, that TME is a result of mainly interlath carbide 

formation upon decomposition of austenite due to tempering, i.e., the 

failure is primarily due to the microstructural influence on restricting 

slip to highly localized regions within laths. On the other hand, TE 

also occurs in some of these steels and appears to be an impurity-assoc-

iated embrittlement (Figure 9), not so dependent on microstructure, but 

which can take over following TME if tempering is continued long enough 

for segregation to occur (e.g., the isothermal data of Figure 7). 

Thus, the stability of retained austenite is of primary significance 

in controlling the properties of these medium carbon structural steels. 
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Considerable carbon partitioning has already been found in retained aus-

tenite where C levels of austenite rise above 2.5% and more than 5 at.% 

at the c'/y interface. 33  So, in a strict sense, the transformation is 

not fully "martensitic. 37  Thus, in the IME condition, the interlath 

microstructure is very similar to that of upper bainite, but it is not 

yet certain whether the austenite actually decomposes by a bainitic 

mechanism. The instability of the austenite can be considered as follows. 

The calculated ITT diagram is given in Figure 13 (broken lines) for one 

of the alloys containing 0.3 wt.% C. On the same graph, another ITT dia-

gram (adapted from Ref. 38) is superimposed for an alloy corresponding to 

the composition found for the retained austenite (approximately 1 Wt.% C) 

in a 0.3% C steel. The critical tempering region (300-400 0 C), in which 

the steel containing retained austenite is tempered, corresponds to a 

temperature well above the Ms temperature of the carbon enriched retained 

austenite (.. 120 0C), and is in the bainitic region for isothermal reactions. 

The microstructure now includes discontinuous stringers of carbides at 

the lath boundaries (Figure 14) due to austenite decomposition. This 

microstructure is similar to that found for upper bainite. 24  

CONCLUSIONS 

I. 	The first minimum occurring in the mechanical properties (impact 

energy and tensile properties) is concurrent with the decomposition of 

retained austenite into M3C carbides at the lath boundaries. The crystal 

structure of the carbide is orthorhombic. The carbides contain > 15% Cr 

when the alloys are tempered at 400 0 C for 135 hours. The decomposition 

of retained austenite is completed at 300°C for 1 hour in the Mn steels 

and at 400°C for 1 hour in Ni steel. However, by isothermal heat treatments 
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at lower temperatures for longer times, the decomposition reaction will 

occur. 

TE occurs at 500°C for short tempering times (e.g., 1 hour) or 

can be induced at 400°C for longer tempering times (100 hours). It is 

associated with sulphur diffusion and segregation at the prior austenite 

grain boundaries. Therefore, the fracture is brittle and intergranular 

with respect to the prior austenite grain boundaries. 

Since the C content of the as quenched retained austenite is 

about 1 wt.°A, separate kinetics (i.e., TTT diagrams) must be considered 

for the retained austenite from that of the bulk alloy. The austenite 

films decompose to form discontinuous stringers of carbides at the lath 

boundaries. The overall result is the production of a microstructure 

that resembles upper bainite. 
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Figure 1. A typical microstructure of the alloys (optical microscopy) 
showing packets of laths of martensite and prior austenite 
grain boundaries (alloy Vi). 

Figure 2. A composite of dark field electron micrographs showing the 
extent of retained austenite at the martensite lath bounda-
ries. 

Figure 3. Widmanstatten arrangement of Fe3C within a martensitic lath 
is shown in (a) B.F. and (b) D.F. micrographs. Foil orien-
tation is till].  (Alloy Vi after 200°C tempering for 1 hour). 

Figure 4. (a) B.F., (b) D.F., and (c).S.A.D. pattern from 2% Mn alloy 
after 300°C tempering for 1 hour. Carbides at the lath 
boundaries form from the decomposition of retained austenite 
which were identified to have Fe3C  structure from the S.A.D. 
pattern (c). Widmanstatten cementite which are also reveal-
ed in the D.F. micrograph also contribute to the S.A.D. pat-
tern. The orientation relationship of the carbide is Bagary-
atski. 

Figure 5. Decomposition of retained austenite and the spheroidization 
of cementite at 400°C tempering (a) B.F. and (b) D.F. micro-
graphs showing the carbide morphology at this tempering tem-
perature for 1 hour. ( - 2 Ni steel) (c) schematic illustra-
tion of the microstructure to distinguish between intralath 
and interlath carbides (trace of the D.F. micrograph) (d) 
carbide extraction replica micrograph of the alloy after 
135 hours at 400°C showing extensive spheroidization, but 
morphologically similar to (a) and (b). 

Figure 6. Charpy V-notch energy vs. tempering temperature curves re-
veal both IME and TE regions (1 hour tempering). Inset 
micrographs of Vi alloy show the corresponding dark field images: 
(a) retained austenite, (b) interiath carbides, (c) spheroid-
ized intralath and interlath carbides in 2 Mn alloy. Values 
for the air melted alloys of the same compositions are also 
plotted for comparison (from Ref. 5). 

Figure 7. Charpy V-Notch Energy vs. tempering curves for isothermal heat 
treatments. The drastic drop in the Charpy values of 2Mn 
alloy after 240°C tempering for 16 hours is due to TME (the 
fractograph is shown in Fig. 8d). Further decrease in 
fracture energy of this alloy occurs after long tempering at 
400°C which is attributed to TE (refer to fractograph in 
Fig. 8f). On the other hand,prolonged heating in Bin alloys 
increases the impact values due to recovery and lower 
original retained austenite content. 
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Figure 8. 	Fracture surface analysis of the steels by SEM after dif- 
ferent tempering conditions: a,b,g,i,j correspond to Vi 
(2 Mn alloy), h corresponds to V2 (2 Ni alloy) and c to f 
correspond to V3 (2 Mn alloy). 

Figure 9. 	Typical Auger spectrum taken from the fractured surface 
of the 2 Mn alloy tempered at 400°C for 135 hours. Al-
though S segregation was observed from temper embrittled 
specimens, no such segregations were revealed from the 
tempered martensite embrittled stage. 

Figure 10. A typical atom probe spectrum showing the C concentration 
profile across martensite-austenjte interface. (Specimen 
tempered at 200°C for 1 hour - 2 Mn alloy). Even in this 
condition, there is a considerable amount of C segregation 
at local regions along the interface. These regions are 
the probable nuclei for M 3C. 

Figure 11. Change in the amount of retained austenite vs. time of tem-
pering diagram for different isothermal treiiients. X is 
the volume % of retained austenite in the bulk material 
determined by X-ray analysis. 

Figure 12a. Scheme showing the observations of in-situ fracture of foils, 
suggesting the influence of microstructure on plastic zone 
and fracture path. The carbon contents in y correspond to 
the ElM atom probe data (Ref. 32). 

Figure 12b. Slip within a martensite lath could lead to immobile [01T] 
type dislocations. Slip also occurs on the {110} planes 
containing intralath Fe 3C after tempering,, giving rise to 
local zig-zag fracture. 

Figure 13. Superimposed TTT diagrams reproduced for the bulk alloy 
containing 0.3 wt.% C (Ref. 38) and to the imaginary alloy 
of the C composition corresponding to that of retained aus-
tenite, i.e., 1 wt.% (Ref. 39). Tempering the bulk alloy 
at 300°C will cause the retained austeriite to decompose in 
the upper bainitic region. 

Figure 14. High magnification (a) B.F. and (b) D.F. micrographs reveal 
the "islands" of M 3C particles formed as a result of the 
decomposition in a 2 Mn alloy after 400°C tempering (1 hour). 
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