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Abstract

Development of Amorphous-silicon-based Optical Coatings for
Gravitational-wave Detectors

by

Ruinan Zhou

Doctor of Philosophy in Engineering - Materials Science and Engineering

University of California, Berkeley

Professor Frances Hellman, Chair

The search for new coating materials, particularly high-refractive-index layers, is
crucial in the field of interferometric gravitational-wave (GW) detectors. These
detectors require coatings with low mechanical loss to minimize thermal noise and
low optical absorption to maintain measurement stability and precision. The de-
velopment of novel high-index coating materials with improved mechanical and
optical properties has the potential to advance GW detection and enable more
precise measurements of astrophysical phenomena.

This study investigated the structural and mechanical properties of amorphous
silicon (a-Si), hydrogenated amorphous silicon (a-Si:H), and amorphous silicon
carbide (a-SiC) films deposited using magnetron sputtering (MS). The effects of
deposition parameters, such as working gas, gas pressure, substrate temperature,
and post-growth treatments including vacuum annealing and post-hydrogenation,
were explored. The choice of working gas and its pressure, which influences
the kinetic energy of the sputtered atoms upon arrival at the substrate, was
found to significantly affect the properties of the deposited films. The impact
of energetic incoming atoms is reflected in compressive film stress and film den-
sification, a phenomenon known as the atomic peening effect. Additionally, a
transition in dominant defects from nanovoids in e-beam a-Si to divacancies and
self-interstitials in MS a-Si was observed, which can be attributed to the higher
kinetic energy of incident atoms. By selecting appropriate working gas and de-
position conditions, such as low gas pressure and high growth temperature, the
structural order was improved, as indicated by lower bond angle deviation, and
the mechanical loss of MS a-Si was reduced at both low temperatures and room
temperature.
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Introduction of hydrogen to a-Si had a significant impact on its optical absorp-
tion at infrared wavelengths and the room-temperature mechanical loss. We
propose that hydrogen plays a dual role in a-Si:H, acting as a passivating agent
for dangling bonds, particularly at high temperatures, and facilitating structural
relaxation, and the latter is responsible for the observed changes in the physical
properties of a-Si:H. The incorporation of carbon in a-SiC films resulted in higher
mechanical loss and optical absorption compared to pure a-Si films. These find-
ings provide insights into the underlying mechanisms and offer potential solutions
for optimizing the performance of a-Si-based coatings for GW detector mirrors.
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CHAPTER 1
INTRODUCTION

1.1 Gravitational waves

Newton’s theory of gravity predicts that the gravitational force exerted by a mass
at a distance, r, away from its present position always has the 1/r2 form, regard-
less of the motion of the mass. Einstein’s general theory of relativity, however,
revolutionized our understanding of gravity and introduced the concept of grav-
itational waves (GWs) [1]. This theory can be summarized in just 12 words, as
famously put by physicist John Wheeler: “Space-time tells matter how to move;
matter tells space-time how to curve.” Gravitational waves are predicted by Ein-
stein to arise from asymmetric mass acceleration and propagate as fluctuations
in space-time curvature.

1.1.1 Theory of relativity

In special theory of relativity, the space-time interval ds between any two neigh-
bouring points is given by,

ds2 = −c2dt2 + dx2 + dy2 + dz2

ds2 = ηµνdx
µdyν

(1.1.1)

where ηµν is the Minkowski metric of a “flat” space-time.

ηµν =


−1 0 0 0
0 1 0 0
0 0 1 0
0 0 0 1

 (1.1.2)

In general theory of relativity, the space-time is no longer “flat”. Instead, it
is curved in order to represent accelerating sources of gravitational field. The
general statement of the definition of space-time is therefore,

ds2 = gµνdx
µdyν (1.1.3)
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where the metric tensor gµν contains all the information about the space-time
curvature. If we only consider that the gravitational field is weak, gµν can be
decomposed into a flat space-time metric plus a small perturbation. Hence, gµν
can be written in the form,

gµν = ηµν + hµν (1.1.4)

Here hµν represents the perturbation experienced by the Minkowski space. Under
the weak-field limit, Einstein’s field equation can be linearized, yielding a wave
equation, (

▽2 − 1

c2
∂2

∂t2

)
hµν = 0 (1.1.5)

The simplest solution to this wave equation is a plane wave solution in the form
of,

hµν = Aµνe
ikαxα

(1.1.6)

where Aµν is the polarization tensor, in which the information on the amplitude
and the polarization state of the wave is encoded. kα is the wavevector that
determines the propagation direction of the wave and its frequency.

The transverse traceless gauge (TT gauge) is used for the construction of hµν . In
this gauge, only the spatial components of hµν are non-zero, which means that
the wave is transverse to its own propagation direction, and additionally, the
sum of the diagonal components is zero (traceless). Based on the TT gauge, the
amplitude Aµν can be described by two independent components h+ and h×, and
can be written as,

Aµν = h+ϵ
µν
+ + h×ϵ

µν
× (1.1.7)

And

h+ =


0 0 0 0
0 1 0 0
0 0 −1 0
0 0 0 0

 h× =


0 0 0 0
0 0 1 0
0 1 0 0
0 0 0 0

 (1.1.8)

if we assume the wave is propagating in the z-direction, i.e. a gravitational wave
traveling in the z-direction affects only the components in the x-y plane.

A visualization of the effect of a gravitational wave passing through a ring of
test masses can be seen in Fig. 1.1, in which the difference between the two po-
larizations of a gravitational wave is illustrated. As GW passes through these test
masses, it causes an increase in their separation distance in one direction, while
the distance in the perpendicular direction is decreased, thereby demonstrating
the quadrupolar nature of gravitational waves.

The detection of gravitational waves is a challenging task owing to their incredibly
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Figure 1.1: The effect of a gravitational wave passing perpendicularly through a ring

of test masses. The two possible polarizations of a gravitational wave are represented

by ‘+’ (top), and ‘×’ (bottom).

small amplitude and sensitivity of detection equipment. As a result, detectable
gravitational waves are produced by extremely large astrophysical bodies [2]. Ex-
amples include black hole mergers, compact binary systems, pulsars and super-
novae. In addition to these sources, a stochastic gravitational wave background
is believed to exist, which is similar to the cosmic microwave background.

In conclusion, gravitation is not a force, but a phenomenon of geodesic motion
through curved space-time. The paths of freely falling bodies, i.e. objects not
subject to influences of non-gravitational force, define a preferred set of curves in
space-time. This allows a set of free-falling masses to be employed in defining the
coordination system in space-time. When a gravitational wave passes through
this system, the space between the masses becomes curved, while the coordinates
of the masses themselves remain unaffected.

1.2 Gravitational-wave detectors

There are two main reasons why the detection of gravitational waves is important:
complementing the other ways we view the universe, such as via the electromag-
netic spectrum and particles like neutrinos, and understanding the fundamental
laws of physics. By detecting GWs, we are able to unveil the space-time metric
around black holes, and observe the formation of black holes, the merger of binary
systems and activities of massive neutron stars or supernovae. Furthermore, com-
paring the arrival time of light and GW generated from the same source would
confirm whether Einstein’s prediction on the speed of GW is correct. The po-
larization states of GW predicted by general relativity can also be verified. The
detection of gravitational waves has practical applications as well. For example,
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the technology used in GW detectors can be applied to other precision measure-
ment applications.

Efforts to directly detect gravitational waves have been ongoing since the 1960s.
It is estimated that every year, gravitational waves pass through the Earth with
a strength of 10−23−10−21 at around 100 Hz, which falls within the most sensitive
frequency range of many GW detectors [3]. Therefore, the primary objective has
been to improve the sensitivity of GW detection to levels below the amplitudes
of these gravitational waves. The first detection of GW, associated with coales-
cence of stellar mass black holes, was made on September 14th, 2015, heralding
the opening of a new window for observational astronomy.

The earliest attempts at GW detection were undertaken by Joseph Weber at
the University of Maryland [4]. Weber used long aluminum bars with resonant
modes that may be excited by a passing GW. However, those resonant bar-shaped
detectors were limited to a very narrow bandwith and poor sensitivity, and did
not manage to produce replicable results [5]. Studies were also carried out using
pulsar timing to analyze gravitational waves. While these observations did not
confirm the existence of gravitational waves, they did show that the binary pulsar
system is losing energy at a rate faster than can be explained by electromagnetic
radiation alone [6–10]. This work earned Hulse and Taylor the Nobel Prize in
Physics in 1993.

Research has shifted towards utilizing laser interferometers capable of high sensi-
tivities over a broad frequency band. This led to the creation of a global network
of first-generation interferometric GW detectors. These detector projects uti-
lize laser interferometry to measure the fluctuating tidal strains in space caused
by gravitational waves. The measurements involve monitoring the fluctuations
in the relative positions of highly reflective mirrors, which are separated by
kilometer-scale distances. The second-generation detector era is composed of
several projects worldwide, including the American Advanced LIGO [11], the
French/Italian Advanced Virgo [12], the German/British GEO 600 [13], and the
Japanese KAGRA [14]. Many of these detectors are currently undergoing signifi-
cant upgrades to improve their sensitivity. My work is closely related to the U.S.
project LIGO, which will be described in detail in the following section. Addi-
tionally, it is relevant to the Virgo project, which utilizes the same technologies
as those employed in LIGO.
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1.2.1 LIGO

Laser Interferometer Gravitational-wave Observatory (LIGO) is an astronomi-
cal instrument designed to probe the universe by detecting gravitational waves.
LIGO consists of two distantly located interferometers, one in Hanford, Wash-
ington, and one in Livingston, Louisiana. The site locations were chosen to be
sufficiently separated so that the environmental perturbations are independent
and therefore uncorrelated. The two LIGO detectors are Michelson interferome-
ters with 4 km-long arms and resonant Fabry-Perot cavities. After operating for
9 years without detection, the initial LIGO detectors were upgraded to the cur-
rent Advanced LIGO (aLIGO), which successfully observed gravitational waves
and earned Weiss, Barish and Thorne the 2017 Nobel Prize in Physics. Ongoing
improvements in aLIGO aim to suppress noise and expand the range of observ-
able compact masses while maintaining signal strength [11].

Figure 1.2 presents a schematic diagram of the aLIGO detector and an aerial
view of the LIGO Livingston site. The device comprises a light source, a beam-
splitter that acts as a partially reflecting mirror, and two test masses positioned
at a distance from the beam-splitter in two orthogonal directions. LIGO’s test
masses are large transparent cylinders made of fused silica, with a diameter of 34
cm and a thickness of 20 cm, coated with thin reflective dielectric layers. Light
transmitted through the beam-splitter travels towards one of the test masses
while the reflected beam travels down the orthogonal arm. The laser beams re-
flected from the end test masses return and interfere at the beam-splitter (BS).

The core function of a Michelson interferometer is to convert the phase difference
in the light that returns to power modulation at the reflection and output port.
To enhance the displacement-to-phase response of the arms, Fabry-Perot cavities
are utilized, enabling multiple beam passes before exiting through the input test
mass to the beam-splitter. This leads to a significant power boost within the 4
km arms, increasing the initial laser power of 125 W to 750 kW. This results in
amplified signals, aided by signal recycling [11].

The interferometer compares the distance the light beams traveled (L) in the two
arms. If the distances differ by zero or a whole number of wavelengths, destruc-
tive interference would take place, which translates into a weak or no signal at
the photodetector. If they differ by a whole number and a half wavelength there
will be constructive interference and a strong signal will be detected. The power
of the light detected at the photodetector, Pout, can be expressed as:

Pout = Pinsin
2(∆ϕ)

= Pinsin
2(2k∆L)

(1.2.1)
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Figure 1.2: (a) Simplified schematic interferometric configuration used in aLIGO. (b)

LIGO Livingston gravitational-wave detector, taken from Ref. 15.

where Pin is the input power of the laser, ∆ϕ is the phase difference and k is 2π
multiplied by frequency.

When a gravitational wave passes through the interferometer, the local space-
time is altered, leading to an effective change in the length of the arms. Due to
the incoming GW, one of the interferometer arms is shortened, while the other
gets lengthened, causing the beams to become slightly out of phase with respect
to the initial beam. After several trips down the Fabry-Perot cavities, the two
separate beams leave the arms, recombine at the beam splitter, and result in a
measurable signal at the photodetector, as illustrated in Fig. 1.3.

To maximize the power of the light stored in the arm cavities, a power recycling
mirror (PRM in Fig. 1.3) is placed at the input port to reflect any light that
exits back into the interferometer. An additional cavity is made to ensure that
no light is reflected back to the laser [16].

Another technology used in LIGO detectors that is similar in concept to power
recycling is signal recycling. A partially reflective mirror is inserted in between
the beam splitter and the photodetector, shown as SRM in Fig. 1.3. This mirror
is designed to reduce the sensitivity of GW detection to mirror imperfections,
leading to more efficient signal detection.

1.2.2 Limitations on detector sensitivity

Precise measurement of gravitational waves is one of the biggest challenges in
modern physics. The LIGO detectors are designed to detect a strain or frac-
tional change in length of 10−21 m or below, resulting in an arm length change of
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Figure 1.3: The working principle of a laser interferometric GW detector.

only 10−18 m (due to the use of a 4 km-long baseline), which is a thousand times
smaller than the diameter of a proton. Reducing the noise level in the instrument
is crucial to detect the extraordinarily small changes and distinguish them from
non-gravitational sources mimicking genuine GW signals. To achieve this, LIGO
utilizes special interferometry techniques, state-of-the-art optics, highly stable
lasers, and multiple layers of vibration isolation to increase its sensitivity and
minimize background noise. The noise budget of aLIGO, depicted in Fig. 1.4,
illustrates the major contributors to the overall noise [17]. The sensitivity of
LIGO to gravitational waves is affected by various factors across different fre-
quency ranges. Seismic activity limits sensitivity at low frequencies (<10 Hz),
whereas thermal noise in the suspensions and test masses, particularly in the
coatings of test masses, becomes significant within the range of 10−200 Hz. At
higher frequencies (around 200−10000 Hz), the quantum nature of light imposes
limitations. This section discusses each fundamental noise source in detail, along
with the steps taken to mitigate them.

1.2.2.1 Seismic noise

Seismic noise, resulting from continuous ground motion, significantly limits the
sensitivity of ground-based interferometric GW detectors in the low-frequency
range. This noise spectrum originates from various sources, including wind, ocean
waves and human activity. At 30 Hz, the seismic noise is a billion times stronger
than the level needed for detecting gravitational waves [18]. To mitigate this, the
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Figure 1.4: Advanced LIGO noise budget [17].

test masses must be isolated from ground disturbances. This is achieved through
cascaded, multi-stage seismic isolation systems and pendulum suspension, which
shield the test masses from seismic vibrations.

Through the transfer function of an N-staged pendulum suspension, the attenu-
ation achieved can be expressed as [2],

x

xg
≈

(
f0
f

)2N

(1.2.2)

where x is the displacement of the test mass, xg the ground motion, f0 the reso-
nant frequency of the mass, and f the frequency of interest.

1.2.2.2 Gravity-gradient noise

Gravity-gradient noise, also known as the Newtonian noise, is caused by fluctu-
ations in the Newtonian gravitational field resulting from seismic mass density
fluctuations in the vicinity of the test mass. Unlike seismic noise, this noise can-
not be reduced through the isolation systems. However, it may be suppressed by
monitoring ground motion and predicting the gravity field caused by the motion.
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Choosing a site with low seismic activity for the detector can also reduce gravity-
gradient noise [19]. The best solution is placing the detector somewhere other
than the Earth’s surface. Take the Japanese detector project KAGRA for exam-
ple. An underground location was chosen in the Kamioka mines in Japan [14].
Einstein Telescope is expected to follow suit by incorporating underground inter-
ferometers into its design [20]. Space-based detectors have also been proposed as
an alternative solution [21].

1.2.2.3 Quantum noise

As described earlier in Sec. 1.2.1, interferometers are designed to sense the change
in the interference pattern at the output, and quantum fluctuations of light and
in the movement of the center of test masses set a limit on the measurement
accuracy. This quantum noise can be divided into two components: photon shot
noise, and radiation pressure noise.

Photon shot noise arises from the statistical fluctuation in the number of pho-
tons collected at the photodetector. At high frequencies, photon shot noise is
an important sensitivity limit, as it scales almost linearly with frequency. It is
the dominant noise source at frequencies greater than several hundred Hz [22].
To minimize photon shot noise, it is desirable to increase the input laser power
and the time spent within the detector by the light. This can be achieved by
extending the arm length, or introducing delay lines or Fabry-Perot cavities.

While raising the laser power would be ideal for minimizing photon shot noise,
it can contribute to another noise source: radiation pressure noise, which is most
significant at low frequencies. Radiation pressure noise occurs because incident
photons carry momentum that is transferred to the mirrors, causing slight dis-
placements, and thus, is proportional to the laser intensity. Although increasing
the mirror’s mass and the interferometer arm length can reduce the effects of
radiation pressure, the noise increases with the input laser power. The effect of
photon shot noise decreases with increasing laser power, whereas radiation pres-
sure noise increases. Therefore, there is an optimum laser power that minimizes
the quantum noise. This sensitivity limit to the optimum laser power is known as
the Standard Quantum Limit (SQL), and corresponds to the Heisenberg Uncer-
tainty Principle in its position and momentum formulation. Research has shown
that the SQL can surpassed by using squeezed light techniques. These techniques
have already been implemented in aLIGO and are planned to be further enhanced
in future upgrades [23,24].
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1.2.2.4 Thermal noise

The dominant source of noise in the mid-frequency range (10−200 Hz), the most
sensitive frequency band of an interferometric detector, is thermal noise [11].
Thermal noise is a combination of three sources: Brownian noise, thermoelas-
tic noise and thermo-refractive noise, which will be discussed in more detail in
Sec. 2.1. Thermal noise did not play a significant role in limiting the perfor-
mance of first-generation GW detectors, as it was overshadowed by technical
sources of noise. However, in second-generation GW detectors, the sensitivity
is constrained by thermal noise in the dielectric reflective coatings at their most
sensitive frequency bands [25], as shown in Fig. 1.4, which shows the noise bud-
get of aLIGO [26]. The Brownian noise generated by the coatings (represented
in red) has a significant contribution between 10 to 200 Hz.

1.3 Amorphous materials for GW mirror

coatings

Currently, aLIGO uses multilayer dielectric mirror coatings made of stacks of
ion beam-sputtered low-index amorphous silica (SiO2) and high-index titania
(TiO2)-doped tantala (Ta2O5) [11]. Amorphous dielectric materials have gar-
nered particular interest for coating applications in LIGO test masses due to two
main reasons. Firstly, traditional metal coatings absorb too much light at the
operating laser wavelength (1064 nm [11]), resulting in unwanted melting of the
coatings. Secondly, amorphous coatings can be deposited uniformly on a large
scale. In comparison, although crystalline films possess more desirable properties,
particularly low thermal noise [27,28], they are difficult to grow without defects,
such as grain boundaries. This challenge is especially pronounced for deposition
on 34 cm diameter test masses. Additionally, to ensure epitaxial growth, the
selected high-index and low-index materials must have similar lattice constants.
These problems are not an issue with amorphous coatings. Consequently, re-
searchers have focused on improving the performance of amorphous coatings to
enhance their suitability for GW detectors.

Amorphous solids are structurally distinct from crystals in that they lack long-
range order (LRO). Instead, they exhibit short-range order (SRO) and sometimes
medium-range order (MRO), which describe atomic arrangements over distances
of one or two atoms and 1−3 nms, respectively. The physical properties of dis-
ordered materials differ significantly from their crystalline counterparts, and the
difference is often related to the degree of structural disorder. It is interesting
to note that even different forms of the same amorphous materials can exhibit
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deviations in structure due to the method of formation and thermal history. In
the context of GW detectors, two properties of particular interest in candidate
materials are optical absorption and mechanical loss. Low absorption of incoming
laser beam is crucial for minimizing the loss of laser power, and low mechanical
dissipation is directly related to suppressing thermal noise in mirror coatings.
This section will briefly discuss the optical and mechanical properties of amor-
phous materials and how they are related to the material structure, with detailed
information provided in Chapter 2.

1.3.1 Optical absorption in amorphous materials

In crystalline semiconductors, it is possible to experimentally define the optical
absorption edge, marked by a sudden increase in absorption at a specific pho-
ton energy. This phenomenon is related to the concept of an optical gap, which
arises from fundamental calculations of the transitions between the filled valence
band and the unoccupied conduction band. The lack of LRO in amorphous solids
breaks the translational symmetry so that the Bloch theorem is no longer valid.
But the tight-binding approximation on the other hand, stays valid due to SRO.
Therefore, the wavefunctions of electrons are limited to localized regions [29]. In
this regard, the most noteworthy features found in amorphous semiconductors
are: (1) the absence of sharp band edges and tailing of density of states into the
gap called Urbach tails [30]; (2) localization of states in energy regions where the
density of states is low; (3) the existence of broad bands of defect levels in the gap
(in contrast to sharp discrete levels in crystals), the so-called deep states. These
are all responsible for many properties unique for amorphous semiconductors.

A typical optical absorption spectrum of amorphous semiconductors can be di-
vided into three regions: band-to-band absorption, band-tail absorption, and
absorption by deep levels [32], which are demonstrated in Fig. 1.5. Region A is
the high-energy region in which the absorption takes place between non-localized
states. The absorption coefficient can be described by the Tauc relation [33],

α ≈ (E − Eg)
n

E
(1.3.1)

where E is the photon energy, Eg is the optical band-gap energy, n is 2 for
3D materials, but typically takes values between 0.5−3 for many amorphous
semiconductors depends on the nature of the transition [31, 34]. An example of
band gap extraction from the Tauc plot is shown in Fig. 1.6, which is a widely
used method for determining the band gap. It is worth noting that there is
another definition of the band gap occasionally used, known as the isoabsorption
gap, E03 and E04, which correspond to the photon energy at which the optical
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Figure 1.5: Typical behavior of optical absorption for amorphous solids in a logarith-

mic scale (left). The three regions, Regions A, B and C represent different absorption

mechanisms. Density of states, N(E), as a function of energy E for amorphous semi-

conductors (right). The dotted area indicates localized electronic states. ∆Ev and ∆Ec

are band tails due to disorder and are responsible for absorption in Region B [31].

absorption coefficient reaches 103 and 104 cm−1, respectively.

Region B is called Urbach region, since it corresponds to absorption involving
Urbach tails, with a near-band edge exponential increase of absorption coefficient
with photon energy,

α ≈ eE/EU (1.3.2)

where the exponential factor EU indicates the width of the Urbach tails [30].

In the low-absorption region (Region C), only transitions involving sub-band
gap defect states take place. The absorption coefficient is thus very structure-
sensitive,

α ≈ eE/Ed (1.3.3)

where Ed represents the width of the defect states.

Amorphous semiconductors, unlike crystalline semiconductors, exhibit broader
absorption edges (Regions B and C). Additionally, accurately determining the
absorption edge is complicated due to significant variations in optical properties
of amorphous materials, depending on the synthesis conditions. Thin film thick-
ness further adds to the challenge of precise absorption measurements.
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Figure 1.6: Typical Tauc plot used to estimate optical band gap of hydrogenated

amorphous and microcrystalline silicon [35]. The solid line is a guide to band gap

extraction, indicating the band gap as the point at which it crosses the x-axis (photon

energy axis, in eV).

1.3.2 Mechanical response of amorphous materials

The mechanical response of ideal solids is described by Hooke’s law, which as-
sumes an instantaneous reaction to stress. However, real materials exhibit a phase
lag in their strain response. This delayed response is known as anelasticity, char-
acterized by mechanical loss or internal friction, which refers to the dissipation of
mechanical energy during cyclic stress or strain. The extent of mechanical loss is
typically quantified by the loss angle, representing the phase difference between
the applied stress or strain and the resulting response. Anelastic behavior in ma-
terials arises from various underlying mechanisms. In crystalline materials, the
amount of elastic energy dissipated during oscillations depends on point defects,
dislocations and grain boundaries [36,37]. In amorphous materials, the anelastic
response is believed to be governed by the movement of atoms between energy
states that are separated by potential barriers [38]. At low temperatures (<10
K), the energy dissipation follows a quantum tunneling model, where groups of
atoms can switch between two energy levels via tunneling. This representation
is known as the tunneling two-level systems (TLSs) [39, 40]. Further discussion
on this will be provided in Sec. 2.2. Above 10 K, thermal activation becomes
the primary source of energy loss due to mechanical response, as atoms acquire
sufficient energy to overcome potential barriers.
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1.4 Project objectives and thesis outline

Remarkable advancements have been made in the detection of gravitational waves,
but further improvements in sensitivity are still needed. The main challenge lies
in developing coatings that possess high reflectivity, low optical absorption, low
thermal noise, and minimal light scattering, as these factors directly impact the
detection horizon and rate of gravitational waves. To accomplish these goals,
coatings must exhibit exceptional optical and mechanical properties, such as
a high refractive index, minimal optical absorption, low mechanical loss, and
remarkable uniformity. Amorphous materials offer advantages over crystalline
materials in terms of achieving homogeneity for large-scale deposition, thereby
minimizing scattering and ensuring uniform film properties. Since thermal noise
is directly proportional to temperature, cryogenic operating temperatures are be-
ing considered for next-generation GW detectors, such as LIGO Voyager [41] and
Einstein Telescope [20]. Therefore, it is also critical to find coating materials that
contribute low thermal noise even at low temperatures.

Previous research has primarily focused on optimizing oxide coatings using tech-
niques like adjusting deposition parameters and employing post-deposition an-
nealing. However, these efforts have yielded limited improvements. This thesis
focuses on proposing new amorphous silicon (a-Si)-based coating solutions to ad-
dress the thermal noise and optical absorption problems. Through this research,
it is hoped that the developed coating can be utilized in the upgrade of aLIGO and
in the design of future GW detectors, thereby enhancing their scientific capabil-
ities. This research has broader implications beyond GW detectors, particularly
in the field of modern quantum devices like superconducting qubits. The pres-
ence of tunneling two-level systems, which contributes towards low-temperature
mechanical loss, can also cause decoherence and limit the lifespan of quantum
information storage. Therefore, the development of a-Si-based materials that are
free of TLSs could benefit the advancement of quantum computing.

This thesis will have the following structure: Chapter 2 will review the sources of
thermal noise and their origins, and previous work and progress made improving
the physical properties of a-Si films, and their relationship to structural features.
Chapter 3 will describe the experimental techniques used, including deposition
parameters, post-growth treatments and characterization techniques. Chapter 4
and 5 will present investigations of the impacts of working gas and its pressure
on a-Si film structure and properties. Chapter 6 will look into hydrogenated a-Si
and the role hydrogen plays in these films. Chapter 7 will explore the addition of
carbon into a-Si and discuss the properties of amorphous silicon carbide (a-SiC)
compared to pure a-Si. The results of these a-Si-based films and their influence
on the LIGO project will be summarized in a concluding chapter (Chapter 8).
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CHAPTER 2
LITERATURE REVIEW

2.1 Thermal noise in mirror coatings

The current generation of GW detectors has undergone significant upgrades and
is approaching the fundamental limits to noise; one of these appears to be thermal
noise [42]. Thermal noise is expected to be the major noise in the mid-frequency
range, the most sensitive band of GW detection. The GW community has devoted
considerable efforts to investigating and modeling them. This section provides
an overview of two main categories of thermal noise sources: intrinsic noise, com-
monly known as Brownian noise, which arises from internal friction, and extrinsic
noise, driven by thermal fluctuations. Extrinsic noise encompasses thermoelastic
noise and thermo-refractive noise. The origins and underlying mechanisms of
these noise sources will be discussed in detail in this section.

2.1.1 Brownian noise

Brownian motion was first observed by the Scottish botanist Robert Brown in
1828. He reported complex paths of dust particles and pollen grains suspended
in water [43]. A full mathematical treatment was given in 1905 by Einstein and
showed that these random movements were due to collisions between particles
as they underwent thermal motion [44]. Einstein also described how the pollen
grains lost their kinetic energy as a result of these collisions while floating in the
water. It was the first time that a dissipation process had been described as
the outcome of random fluctuations. The idea of energy dissipation in a linear
system was delved further by Callen et al. [45,46]. A generalized model called the
fluctuation-dissipation theorem was developed, which correlates thermally driven
fluctuations with energy dissipation within a system [47].

The fluctuation-dissipation theorem states that in any linear system that is in
thermal equilibrium and capable of undergoing dissipative processes, there will
be thermally driven stochastic fluctuations. These fluctuations are characterized
by their magnitude and frequency, which are determined by the system’s dis-
sipative properties. The power spectral density, Sx, of the fluctuating system
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displacement induced by thermal effects can be expressed as,

Sx(ω, T ) =
4kBT

ω2
ℜ[Y(ω)] (2.1.1)

where ω denotes the angular frequency, T the temperature, kB the Boltzmann
constant, Y the admittance of the system, which is defined as,

Y(ω) =
v(ω)

F (ω)
(2.1.2)

where a force F (ω) is applied to the system and results in a motion of velocity
v(ω).

Building upon Eq. 2.1.1, Levin derived the fluctuation in displacement along the
x-axis in the test masses of interferometric gravitational wave detectors, which is
written in the form of [48],

Sx =
8kBT

ω2

Wdiss

F 2
0

(2.1.3)

where Wdiss denotes the time-averaged dissipated power in the system under an
oscillatory force of amplitude F0.

For a homogeneously distributed internal loss, the term Wdiss is then expressed
by,

Wdiss = ωUϕ (2.1.4)

where U is the maximum elastic energy stored in the system and ϕ is the me-
chanical loss angle, defined as ϕ =

Edissipated

2πEstored
. The contributions from the mirror

substrate and the mirror coating can be calculated separately [49],

Sx,s =
8kBT

ω

1 − ν2s
2
√
πEsωm

ϕs

Sx,c =
8kBT

πω

(1 + νs)(1 − 2νs)

Es

dc
ω2
m

ϕc

(2.1.5)

where s, c are subscripts indicating substrate and coating, respectively, ν is the
Poisson’s ratio, E is the Young’s modulus, ωm is the radius of the Gaussian laser
beam where the irradiance is 1/e2, and dc is the thickness of coating.

It can be seen from Eq. 2.1.5 that the noise generated from thermally induced
movement of atoms in a material is directly proportional to the mechanical loss
of the material, ϕ, or the inverse of its quality factor, Q−1. Figure 2.1 depicts
how Q of a mechanical system is extracted. The higher the Q, the sharper the
peak at the resonant frequency, the slower the decay in oscillation amplitude,
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and hence the smaller the energy loss per oscillation cycle. Therefore, a proper
choice of high-Q materials for mirror coatings can suppress this intrinsic energy
dissipation and greatly reduce their Brownian noise.

Figure 2.1: Quality factor of an oscillator, measured in (a) frequency and (b) time

domain.

2.1.2 Thermoelastic noise

Thermoelastic noise is a phenomenon that arises due to thermal expansion mis-
match when exposed to temperature fluctuations. In a vibrating structure, the
periodic displacement field generates a temperature gradient in the elastic body,
causing the compressed region to become hotter and the stretched region to be-
come cooler. This leads to a heat transfer process in order to attain thermal
equilibrium, resulting in elastic components that are out of phase with the exist-
ing ones. The energy dissipated due to this irreversible heat flow is referred to
as thermoelastic loss [50,51]. However, measuring thermoelastic noise directly is
difficult, thus it is necessary to build an accurate model to estimate thermoelastic
loss for various geometries. Thermoelastic noise has been extensively studied for
micro- and nano-scale resonators [52–54], as well as for LIGO mirrors [55,56].

Zener published the first analysis of thermoelastic damping in thin resonator
beams undergoing flexural vibrations in 1937 [50]. Lifshitz and Roukes later im-
proved upon Zener’s model, rigorously solving the fundamental equations and
leading to different approximate solutions of temperature profile, resulting in dif-
ferent expressions for thermoelastic loss (referred to as ϕTE) [52]. They derived
ϕTE in a vibrating body from the imaginary parts of vibration frequencies by
solving the classical Fourier thermal conducting equation. Zener’s equation has
been employed by several authors to derive ϕTE in various resonators used for
mechanical loss studies [57,58].
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Fejer et al. developed an independent approach to look at ϕTE that exists in
coated substrates due to thermal expansion mismatch between coating and sub-
strate. They calculated the energy dissipated due to the elastic field induced by
thermal fluctuations in the coating and in an infinite substrate [55]. Somiya and
Yamamoto extended Fejer et al.’s work by considering a finite-sized substrate and
proposing a different solution to the thermal equations using the elastic response
of a cylinder with finite thickness [56]. The energy dissipation due to heat flow
was then directly extracted from the temperature gradient.

In the context of LIGO mirrors and their multilayer coatings, accurate calcu-
lation of thermoelastic loss is essential when working with materials that have
different thermal and elastic properties. Previous studies by Fejer et al. and
Somiya and Yamamoto utilized a similar approach known as the effective-medium
treatment to estimate the thermoelastic loss in mirrors with multilayer coatings.
This method abstracts the multilayers as a homogeneous medium with weighted-
average physical properties. However, the assumptions made in effective-medium
approximation limit the accuracy of the thermoelastic loss estimation. We pre-
sented a more realistic model that takes into account finite-sized single-layer and
multilayer coated substrates using improved methods and approximations [59].
Instead of treating the coating layers as a whole, we considered the individual
interfaces between layers and considered the influence of boundary conditions.
Our findings revealed that the interfaces and layer thicknesses play a significant
role in shifting the frequency of the loss peak, which remained hidden in the
effective-medium approximation. By incorporating these factors into our model,
we were able to provide a more comprehensive understanding of thermoelastic
loss. Furthermore, our work complements existing calculations on thermoelastic
loss in a single body caused by thermal fluctuations. Together, these approaches
can offer accurate estimations of the magnitude of thermoelastic loss in GW de-
tector mirrors at various frequencies and temperatures.

2.1.3 Thermo-refractive noise

Thermo-refractive noise arises from the temperature dependence of the refractive
index in coating materials. Fluctuations in the local temperature of the coating
result in variations in the refractive index, n, thereby affecting the optical path
length of the laser beam that passes through the coating. The magnitude of
these refractive index fluctuations is influenced by the thermo-optic coefficient,
denoted as β, which represents the rate of change of refractive index with respect
to temperature (dn/dT ). The power spectral density of thermo-refractive noise
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calculated by Braginsky et al. is [60],

Sx,β(ω) =

√
2β2

effλ
2kBT

2

πr20
√
ωρCκ

(2.1.6)

where λ is the laser wavelength, κ is the thermal conductivity of the coating, r0
is the radius at which the intensity of the Gaussian laser beam falls to 1/e2 of
the maximum, ρ is the density of the coating, and C is the specific heat capacity.
βeff is the effective temperature dependence of the refractive index of the whole
coating, which is calculated from the individual coefficients of the high and low
index layers from:

βeff =
n2
LβH + n2

HβL
4(n2

H − n2
L)

(2.1.7)

in the case where the coating is composed of quarter-wavelength layers only. Here,
n represents the refractive index of either the high-index (H) or the low-index
(L) material.

2.1.4 Summary

Thermal noise comprises Brownian noise, thermoelastic loss, and thermo-refractive
noise. Brownian noise is present in all mechanical components of an interferom-
eter GW detector, with its greatest impact observed near and within the test
masses, especially in the optical coatings on their surfaces. Coating Brown-
ian noise limits the sensitivity of aLIGO within the frequency range of 10−200
Hz [26]. Lowering the operating temperature and increasing the laser beam ra-
dius are approaches to mitigate this noise. However, the size of the mirrors sets a
limit on the achievable beam radius, and manufacturing and suspension system
requirements impose constraints on the test mass dimensions. Cryogenic cooling,
as demonstrated in the KAGRA detector [14], offers a means to reduce thermal
noise but introduces additional complexities, such as water condensation on the
test masses. Another method for reducing thermal noise involves using high-Q
substrate and coating materials with lower mechanical dissipation and favorable
material properties. Measuring the frequency and temperature dependence of
mechanical loss in various materials provides valuable insights for understand-
ing dissipative mechanisms, identifying the optimal materials for test masses and
their mirror coatings, and optimizing the operating conditions of GW detectors.

2.2 Mechanical loss behavior of amorphous Si

Internal friction in a material is caused by its anelasticity. When stress is applied
to an ideal elastic material, it should respond instantaneously. However, in real
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anelastic materials, the strain response is not instantaneous and builds up over a
relaxation time [36, 61]. In the case of an oscillating stress of angular frequency
ω and amplitude σ0 applied to a material [61]:

σ = σ0e
iωt (2.2.1)

Here, σ is the stress in the material. The resulting strain will oscillate with the
same frequency as the applied stress, but will have a phase lag, ϕ, in relation to
the applied stress. This phase lag arises from the strain developing over a finite
relaxation time. The anelastic strain would be:

ϵ = ϵ0e
i(ωt−ϕ) (2.2.2)

The angle of phase lag is commonly known as the mechanical loss of the mate-
rial. As previously discussed in Sec. 2.1.1, mechanical loss ϕ is a measure of the
fractional energy dissipated per cycle of oscillation due to anelastic behavior.

Mechanical loss is associated with adjacent energy states in the structure that
can be populated by the system. It may arise from a number of causes, such as
changes in atomic arrangement, point defects, dislocations, or grain boundaries in
crystalline materials [36]. In amorphous materials, it is believed that mechanical
loss is associated with bonding network [39] and structural features [62, 63]. At
room temperature, the energy dissipation process occurs through thermal activa-
tion. In an asymmetric double-well potential, the energy barrier is surmountable
due to thermal energy. A review on the room-temperature mechanical loss of a-Si
will be provided in Sec. 2.4. At low temperatures, however, the thermal energy
is insufficient, and the transition occurs through tunneling of TLSs. When a ma-
terial undergoes mechanical vibrations, these vibrations can couple with TLSs.
The interaction between phonons and TLSs results in energy exchange and dis-
sipation. The coherent motion of phonons induces incoherent motion of TLSs.
This phenomenon is evident in the deviation of heat capacity, thermal conduc-
tivity and internal friction of amorphous materials from classical theories at low
temperatures. Hence, a model that describes the tunneling events was developed
to describe the properties of glasses for T <1 K, which will be discussed in detail
in the next section.

2.2.1 Two-level systems and the standard tunneling
model

The pioneering measurements conducted by Zeller and Pohl in 1971 on the specific
heat and thermal conductivity of glasses at temperatures below 1 K provided the
initial insight into the distinct behavior of amorphous solids compared to their
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crystalline counterparts. The data from their experiments, shown in Fig. 2.2 [64],
demonstrated that the conventional Debye model is inadequate for describing the
heat capacity at low temperatures, revealing the need for alternative theories.

Figure 2.2: Specific heat and thermal conductivity of α-quartz and vitreous silica (a-

SiO2) [64]. The Debye specific heats (- - -) are calculated from the sound velocity [65].

The concept of tunneling two-level systems, also known as the standard tunneling
model (STM), was introduced by Phillips [39] in 1972 and independently by
Anderson et al. [40] to explain the excess heat capacity and the anomalous thermal
conductivity of amorphous solids. A common visualization of a TLS is depicted
in Fig. 2.3. An atom or a group of atoms can sit in one of the two minima in
a double-well potential. At sufficiently low temperatures, the barrier separating
the two local energy minima cannot be overcome via thermal jumps. Instead the
dynamics are dominated by quantum tunneling.

The effective Hamiltonian in this case has the form [67],

HTLS =
1

2

(
∆ ∆0

∆0 −∆

)
(2.2.3)

where ∆ is the asymmetry energy and ∆0 represents the energy barrier between
two states, as demonstrated in Fig. 2.3.

The two lowest eigenstates, represented by |L⟩ and |R⟩, in the left and right
potential wells, respectively, undergo hybridization due to tunneling events, and
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Figure 2.3: A two-level system that has two closely spaced local energy minima, with an

energy barrier of ∆0, an energy asymmetry of ∆ and a splitting of
√
∆2

0 +∆2 between

eigenstates [66].

therefore,

|ψ⟩+ = sin

(
θ

2

)
|L⟩ + cos

(
θ

2

)
|R⟩

|ψ⟩− = cos

(
θ

2

)
|L⟩ − sin

(
θ

2

)
|R⟩

(2.2.4)

where the mixing angle θ is defined as tan(θ)=∆0/∆. And the energy difference
between the eigenstates is given by,

∆E = E− − E+ =
√

∆2
0 + ∆2 (2.2.5)

White and Pohl measured the internal friction of amorphous silica films of various
thicknesses. They found that there exists a temperature range in which Q−1 is
independent of temperature, which is known as the TLS plateau, Q−1

0 [68], as
illustrated in Fig. 2.4.

The TLS density can be extracted via the equation below according to the STM
model [39, 40],

Q−1
0 =

π

2

P̄ γ2

ρυ2
(2.2.6)

where Q−1
0 is the plateau loss between 1−10 K, P̄ is the spectral density of TLS,

γ is the coupling constant between TLSs and phonons, ρ is the mass density and
υ is the transverse sound velocity.

Previous studies seemed to show that the TLS density has a universal value intrin-
sic to the amorphous state, which has been observed in various glasses [69–73].
Hence, GW detector operation at cryogenic temperatures requires the use of
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Figure 2.4: The internal friction of the a-SiO2 films as a function of measurement

temperature [68]

materials other than fused silica as mirror substrates, as it exhibits very high me-
chanical loss at low temperatures (Fig. 2.4). Crystalline silicon (c-Si) has been
proposed as a suitable material, as it exhibits low mechanical loss at low temper-
atures and a zero thermal expansion coefficient at 17.6 K and 123.7 K [74, 75],
resulting in zero thermoelastic loss in the substrate. Compared to the typical
glassy range, a-Si exhibits a much lower mechanical loss when deposited at high
temperature, as demonstrated in Fig. 2.5 [76–78]. This exceptional low-loss be-
havior at cryogenic temperatures makes a-Si an attractive material for reducing
coating Brownian noise in GW detectors.

2.3 Optical absorption in amorphous Si

Optical absorption in a semiconductor essentially occurs when photons excite
electrons from the valence band, or electron-occupied states to the conduction
band. The optical absorption spectrum of a defect-free crystalline semiconductor
is clearly defined, as the spectrum abruptly terminates at the band gap (Eg) due
to the absence of electronic states within this region. However, in amorphous
semiconductors, electronic state distributions are affected by structural disorder
and extend into the gap region, leading to a broad and featureless absorption
spectrum. In Fig. 2.6, the optical absorption coefficient of crystalline and amor-
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Figure 2.5: Internal friction of a-Si films made by electron-beam evaporation, and a

thermal oxide layer labeled ‘SiO2’. The “contamination peak” refers to the contami-

nation from the bare substrate [77].

phous Si is depicted. It is evident that c-Si exhibits higher absorption between
1.0−1.8 eV, which corresponds to wavelengths of ∼1200−700 nm, compared to
a-Si. This necessitates the use of a longer wavelength than the current 1064 nm
for c-Si (proposed as the mirror substrate for LIGO Voyager [41]), but a-Si re-
mains a promising option for use at 1064 nm as the high-index material in GW
detector mirror coatings.

As previously discussed in Sec. 1.3.1, the optical absorption spectrum of amor-
phous semiconductors consists of three regions. Extensive research has been con-
ducted to identify the defects in a-Si that are related to absorption in Region B
(Fig. 1.5), where band-edge states are responsible for photon absorption. Pierce
and Spicer discussed the tailing states in a-Si, pointing out that the sharpness of
band edges is influenced by sample preparation, and the formation of tail states
is more likely related to structural imperfections, such as voids, rather than the
lack of long-range order [81]. In the seminal work by Cody et al. [82], they pro-
posed two components of disorder that lead to a tail that encroaches into the
gap region: structural disorder, which is intrinsic in an amorphous network, and
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Figure 2.6: Comparison of the optical absorption coefficients of c-Si (black line) [79],

and a-Si (red line) [80].

thermal disorder, induced by provision of thermal energy. They conducted a
study on a-Si:H that looked at each of these components separately. Structural
disorder was intentionally introduced into a-Si:H films through the thermal evolu-
tion of hydrogen at elevated annealing temperatures. The role of thermal disorder
was evaluated from absorption measurements conducted at various temperatures.
Their findings suggest that the impact of thermal and structural components of
disorder is cumulative. Furthermore, they concluded that the improvement in
structural order, which is promoted by the presence of hydrogen, is the main
factor contributing to the reduction in the tail breadth, rather than the actual
hydrogen content or dangling bond density.

Since hydrogenation has proven to be effective in enhancing the electrical and
optical properties of a-Si, efforts have been devoted into investigating the role of
hydrogen in a-Si via simulation. Initially it was widely believed that hydrogen is
mainly involved in dangling bond passivation, which removes the localized states
in the middle of the band gap. However, it has been found that the addition
of hydrogen to the Si bonding network also results in structural reorganization
and lowers the energy barrier required for the relaxation process of Si-Si bonds.
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Several authors have reported on this phenomenon [83–86]. Sriraman et al. sug-
gested that the insertion of hydrogen into strained Si-Si bonds in a bridging
position or in a bond-center configuration causes chemical annealing and subse-
quent atomic rearrangements, leading to annihilation of these bonds. Afterward,
the hydrogen atom can remain bonded to one of the Si atoms or diffuse through
the network [85]. These events improve the structural order of a-Si and eliminate
weak Si-Si bonds that are responsible for creating Urbach tails.

2.4 a-Si for GW mirror coating: challenges and

progress

The initial interest in a-Si as a promising coating material for LIGO mirrors
started from its extremely low loss at cryogenic temperatures compared to other
glasses; its mechanical loss is about 1-2 orders of magnitude lower than the current
coating materials, 25% TiO2-doped a-Ta2O5 and a-SiO2 below 10 K [77, 87, 88].
Hydrogenated a-Si was the first material reported to have a Q−1

0 below the “uni-
versal” glassy range by Liu et al. in 1997 [76]; a noticeable decrease in internal
friction confirms the lack of low-energy excitations in 1 at.% hydrogenated a-Si:H
made by hot-wire chemical vapor deposition. They attributed this phenomenon
to hydrogen passivation of dangling bonds and enhanced bond regularity. How-
ever, it was later demonstrated that in spite of having dangling bonds in the
structure, TLS can still be removed in unhydrogenated a-Si by optimizing the
deposition parameters, suggesting that hydrogen is not prerequisite to suppress-
ing TLS density in a-Si [77]. Queen et al. proposed that formation of TLS is
related to underconstrained, low-density regions with nano-scale defects [62, 63].
Molina-Ruiz et al. [78] and Jacks et al. [89] have confirmed that while there is little
variation in dangling bond density, some variation in atomic density of samples
that have different Q−1

0 suggests that medium-range order and nanovoids play a
role in density changes in electron-beam evaporated a-Si.

Multiple studies have investigated the mechanical loss of a-Si deposited by a
variety of physical vapor deposition (PVD) techniques, such as electron-beam
evaporation (e-beam) [77, 78, 89], ion-beam sputtering (IBS) [90], reactive low-
voltage ion plating (RLVIP) [91], magnetron sputtering (MS) [92], and hot-wire
chemical vapor deposition (HWCVD) [93]. Table 2.1 summarizes the loss behav-
ior of a-Si prepared by these methods. It can be seen that e-beam a-Si grown at a
substrate temperature of 425 ◦C exhibited the lowest low-T mechanical loss [77],
whereas IBS a-Si showed the lowest room-temperature (RT) mechanical loss af-
ter annealing [90]. The RT loss of IBS a-Si is over 60% lower than that of the
current high-index layer, a-Ti:Ta2O5 [94]. While the loss mechanisms at low tem-
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Table 2.1: Comparison between a-Si films grown by electron-beam evaporation (e-

beam), magnetron sputtering (MS), ion-beam sputtering (IBS), reactive low-voltage

ion plating (RLVIP) and hot-wire chemical vapor deposition (HWCVD).

Deposition method Growth conditions
Q−1

0 (1 K)Q−1
0 (10 K) Q−1

RT

×10−5 ×10−5 ×10−4

e-beam as-deposited [77,78,89,95] RT 18.4 19.7 4.2
425 ◦C 0.2 0.1 2.2
425 ◦C thin film1 2.1 1.6

MS as-deposited [92] RT, 3.0 mTorr 5.4 6.2
303 ◦C, 3.0 mTorr 2.9 3.5
370 ◦C, 3.0 mTorr 1.7 2.2
431 ◦C, 3.0 mTorr 1.5 2.0

IBS annealed2 [90] RT 3.3 0.9
RLVIP as-deposited [91] 250 ◦C 1.5 1.1
RLVIP annealed2 [91] 250 ◦C 0.2
HWCVD as-deposited3 [93] 370 ◦C 1.1 2.5
HWCVD annealed4 [93] 370 ◦C 1.2 2.9

1 Film thickness (60 nm) [78] is lower than the other two e-beam samples listed (∼300 nm) [77].
2 Heat treatment in Ref. 90, 91 was done at 450 ◦C and 500 ◦C respectively, and performed
in air. The resulted formation of SiO2 might affect the measured properties, making direct
comparison difficult.

3 The HWCVD-deposited sample contains 7 at.% H.
4 Annealing of the HWCVD a-Si:H sample was performed at 200 ◦C for 3 hours in vacuum.

peratures have been identified to be tunneling TLSs and understood relatively
well through the STM, it is still unclear what is responsible for the mechanical
dissipation at room temperature.

Although a-Si shows noticeably lower low-T and RT mechanical losses than a-
Ti:Ta2O5, its optical absorption is quite high at the wavelength of the current
detector laser (1064 nm), which is on the level of 104−105 ppm for a layer of
quarter-wavelength thickness [96]. This level of absorption is significantly higher
than the required ppm-level absorption for the coating. Future cryogenic de-
tectors such as Einstein Telescope and LIGO Voyager are likely to use c-Si as
mirror substrates, which is highly absorbing at 1064 nm, necessitating the use
of longer wavelengths. At 1550 or 2000 nm, a-Si’s optical absorption is much
lower [91,95,96], but still needs to be improved.

Optical absorption has been studied in e-beam, IBS and RLVIP a-Si by several
authors [91, 95, 96]. Steinlechner et al. has reported absorption measurements
on a single layer of a-Si and a bilayer of a-Si/a-SiO2 produced with IBS [96].
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The measurements were taken at laser wavelengths of 1064 and 1550 nm, with
heat treatments up to 1000 ◦C in both air and vacuum. It was found that heat
treatment reduces absorption, with an optimal temperature of 450 ◦C for the
a-Si single layer. A single layer of a-Si exhibits a minimum at 755 ppm for a
quarter-wavelength thickness at 1550 nm after vacuum annealing. For the bi-
layer configuration consisting of one layer of a-Si and one layer of a-SiO2, the
minimum is observed at 1430 ppm. Cooling the bilayer from RT to 30 K reduces
the optical absorption at 1550 nm by 35%. In a subsequent study, they built
upon the previous findings and implemented a combination of post-growth heat
treatment, cryogenic operation temperature, and a longer laser wavelength of
2000 nm on RLVIP a-Si. This approach is shown to suppress the absorption of a
single a-Si layer to approximately 30 ppm [91].

Even though the absorption of a-Si at 1550 and 2000 nm is promising to meet
the requirement for GW detector mirror coatings, its absorption at the current
laser wavelength, 1064 nm, is shown to be a few thousands ppm for a quarter-
wavelength thick layer, far from the ideal ppm level [96]. To address this, a
multimaterial design was proposed to incorporate a-Si layers in the lower part of
the coating stack [97]. Compared to the current coating, 11 bilayers of a-Ta2O5/a-
SiO2 are replaced with 5 bilayers of a-Si/a-SiO2 in the multimaterial design. This
reduces the overall coating thickness by 34% while maintaining high reflectivity,
thanks to the high refractive index of a-Si (3.5 [98]). This, combined with a-Si’s
low mechanical loss, would lead to a much improved Brownian thermal noise in
the coating, where the reduction is expected to be 25% at cryogenic temperatures
and 15% at room temperature. The a-Si layers considered in this design were
not optimized to have low absorption and mechanical loss. Therefore, further
improvements in the properties of a-Si could potentially lead to additional reduc-
tions in overall coating absorption and thermal noise. This provides motivation
for development of a-Si-based coatings for GW detectors operating at not only
1550 and 2000 nm, but also 1064 nm.

Given the high optical absorption of a-Si, finding optimal growth methods and
post-growth treatments to minimize photon absorption in the infrared range is
crucial for its use in GW detector mirror coatings. Improving, or at least main-
taining the low mechanical loss of a-Si is equally important to keep the Brownian
thermal noise at a minimum. To address these challenges, this project has ex-
plored the following strategies:

• Magnetron sputtering as a deposition method for a-Si, which allows for
more flexibility in deposition conditions, including the working gas and gas
pressure. Post-growth annealing in vacuum has also been studied.

• In-situ and post-growth hydrogenation of a-Si, as hydrogen has been effec-
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tive in improving the electrical properties of a-Si in electronic and photo-
voltaic devices, and optical properties as well.

• Incorporating carbon into the a-Si network. Diamond-form carbon, which
is sp3 bonded, possesses a large band gap that precludes photon absorption
at the three wavelengths relevant to GW detectors.
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CHAPTER 3
EXPERIMENTAL METHODS

3.1 Deposition technique

Physical vapor deposition techniques are widely used in various industries and
applications for thin film deposition. These techniques involve physical processes
such as evaporation, sublimation or ionic impingement on a target, enabling the
transfer of material atom by atom onto a substrate surface to form a growing film.
In this study, we utilized magnetron sputtering, a widely used PVD technique, to
deposit a-Si, a-Si:H and a-SiC films. Magnetron sputtering has been extensively
employed in various fields such as microelectronics and surface engineering for
the fabrication of films and coatings. It offers several advantages, including its
simplicity, reliability and the capability to precisely control deposition parame-
ters in order to obtain the desired film properties [99].

The fundamental sputtering process involves bombarding a target with gas ions.
The ions are generated in a glow-discharge plasma in front of the target; they
bombard the target surface and eject atoms which later condense on the sub-
strate surface and form a film. Secondary electrons are also ejected from the
target, which are essential to maintaining the plasma. The sputtering process is
usually limited by low ionization efficiencies within the plasma and thus results
in low deposition rates.

Magnetron sputtering is an advanced variation of basic sputtering through the
use of a magnetic field. By aligning the magnetic field parallel to the target
surface, the motion of secondary electrons is confined. This confinement leads
to the formation of a dense plasma near the target, increasing the likelihood of
electron-atom collisions and enhancing ionization. The use of magnetron sputter-
ing provides additional benefits over conventional sputtering. Firstly, it enables
significantly higher ion currents, resulting in higher deposition rates and faster
film growth. Secondly, it allows the use of a lower working gas pressure to sta-
bilize the plasma, thereby increasing the kinetic energy of the sputtered atoms
when arriving on the substrate surface, which will be discussed further later in
this section. This combination of higher ion current and higher incident atom
energy contributes to improved efficiency and film quality in various thin film
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applications.

Figure 3.1 illustrates different stages of film growth using PVD techniques. Ini-
tially amorphous clusters form on the substrate surface. These clusters grow in
three dimensions and merge via the Volmer-Weber growth mechanism, forming
density-deficient boundaries between the islands. As the growth progresses, the
relatively dense region closest to the substrate undergoes a transition to a colum-
nar grain structure, characterized by high-aspect-ratio voids along the bound-
aries. Adatoms generally diffuse after landing, but have a tendency to adhere
near the location where they land and create columns of material, leading to sub-
sequent formation of low-density regions due to shadowing effects [100]. When
adatom mobility is enhanced during growth, either through higher kinetic energy
of incident particles or elevated substrate temperature, a denser film structure
is formed with a reduced number of open-volume defects incorporated into the
film. In the case of e-beam a-Si, the 425 ◦C-deposited film contains a lower total
volume of nanovoids than the RT-deposited a-Si [89].

Figure 3.1: Schematic illustration depicting the evolution of amorphous film structure

using PVD techniques, adapted from Ref. 100.

The kinetic energy of incoming atoms is a key differentiating factor among vari-
ous PVD techniques. Take electron-beam evaporation, magnetron sputtering and
ion-beam sputtering for example. In electron-beam or effusion cell evaporation,
the energy per incoming particle is thermal, hence ∼10’s of meV per atom. In
magnetron sputtering, the energy per incoming particle is typically 100 times
higher than that in electron-beam evaporation, although this can be significantly
reduced by collisions with gas atoms at higher gas pressure. Ion-beam sputtering
has much higher energy for deposited atoms than magnetron sputtering, with the
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energy level varying from 10−1000 times higher depending on the specific growth
conditions. One of the methods to manipulate incident atom energy in sputtering
is by changing the bias voltage of the target gun. In this work, the gun was set
to be in constant power mode, and it was found that a higher gun voltage was
required to create a plasma for heavier gas when sputtering Si, under the same
gas pressure. The discharge current decreased with increasing voltage, resulting
in a 30−40% variation among the gases for the same power setting (Table 3.1).

Owing to a higher gun voltage, heavier gas ions possess more kinetic energy,
Ek,gas, which results in a larger sputtering yield, defined as the number of target
atoms sputtered by each gas ion and a larger kinetic energy for the sputtered
target atoms, in this case Si. For Si, the sputtering yield with these inert gases is
either below or around one atom per ion, excluding the possibility of sputtering
multiple atoms by a single gas ion [101]. Hence, here we assume an one-on-one
elastic collision, the kinetic energy transferred to a sputtered Si atom from a gas
ion is expressed in,

Ek,Si =
4mgasmSi cos2 θ

(mgas +mSi)2
× Ek,gas − b (3.1.1)

where mgas is the atomic mass of the working gas, mSi the atomic mass of Si, θ
the exit angle of the sputtered Si atom from the target, Ek,gas the kinetic energy
of gas ion upon acceleration towards the target (calculated based on accelerating
voltage listed in Table 3.1), and b the surface binding energy of Si (the energy
required to remove one Si atom from the target surface, 3.8 eV [102]).

The gas atoms in the chamber are typically at the thermal energy of the cham-
ber, which is 10’s of meV, far lower than the energy of compared to the ejected
target atoms and are therefore considered stationary. After being ejected from
the target and colliding with a gas atom in the chamber, the kinetic energy of a
sputtered Si atom is reduced to,

E ′
k,Si =

(
1 − 4mgasmSi cos2 φ

(mgas +mSi)2

)
× Ek,Si (3.1.2)

where φ represents the exit angle of Si atom relative to its original incoming
direction, indicating the deflection in the trajectory of the Si atom. E ′

k,Si against
different working gases is plotted in Fig. 3.2.

We can estimate the average incident atom energy at θ = φ = 0◦, where the tar-
get is positioned directly beneath the substrate plate, and the sputtered atoms
exit the target perpendicular to its surface and to the substrate. Since for Si, the
sputtering yield for all four gases studied is either below or near one atom per
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Figure 3.2: Energy left in a sputtered Si atom by various gases after one collision with

a gas atom versus the exit angle of Si, based on the gun parameters listed in Table 3.1.

ion [101], the target atom is assumed to be ejected from the target surface at en-
ergy Ek,Si, calculated from Eq. 3.1.1. All collisions are assumed to be one-on-one
head-on elastic collisions.

The average number of collisions experienced by the sputtered Si atoms before
reaching the substrate, n, is calculated from,

n = Volume traveled × no. of gas atoms per unit volume

= πd2SiL× P

kT

(3.1.3)

where dSi is the diameter of Si atom (222 pm), L the target-to-substrate distance
(15.2 cm), P the gas pressure, k the Boltzmann constant and T the temperature
(300 K).

After undergoing n collisions with gas atoms in the chamber, the kinetic energy
of sputtered Si is reduced to E ′′

k,Si, which is expressed as

E ′′
k,Si =

(
1 − 4mgasmSi

(mgas +mSi)2

)n

× Ek,Si (3.1.4)

The calculated values of n, Ek,Si and E ′′
k,Si at θ = φ = 0◦ are presented in Ta-

ble 3.1, along with the corresponding deposition conditions.
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Table 3.1: Deposition rate of Si and gun power (P) used in constant power mode,

discharge current (I) and accelerating voltage (V) with different working gases and gas

pressure, and n, Ek,Si and E′′
k,Si at θ = φ = 0◦ calculated based on Eq. 3.1.3, 3.1.1, 3.1.4

and the corresponding deposition condition.

Working gas P (W) I (mA) V (V) Rate (Å/s) n Ek,Si (eV) E ′′
k,Si (eV)

Ne 11.0 mTorr 120 244 493 0.29 8.3 475.5 5.1×10−11

18.0 mTorr 120 253 475 0.17 13.6 456.1 4.9×10−11

Ar 1.5 mTorr 120 174 687 0.53 1.1 661.8 12.8
1.5 mTorr 85 169 497 0.30 1.1 477.7 9.27
4.0 mTorr 100 199 495 0.57 3.0 475.8 1.3×10−2

Kr 1.5 mTorr 85 105 820 0.33 1.1 611.2 126.5
Xe 0.5 mTorr 60 63 933 0.25 0.4 537.7 387.0

1.5 mTorr 60 67 901 0.16 1.1 519.1 193.5

E ′′
k,Si against different working gases and gas pressures is plotted in Fig. 3.3. For

Ar, even 1.5 mTorr results in significant thermalization of the initially high en-
ergy Si atoms (Ek,Si >600 eV and E ′′

k,Si ∼10 eV, which is reduced more at 4.0
mTorr (0.01 eV)). For the heavier gases (Kr and Xe), their Ek,Si (∼500−600 eV)
is only somewhat reduced by collisions (to 387 eV for 0.5 mTorr and 194 eV for
1.5 mTorr).

Figure 3.3: Energy of an incident Si atom sputtered by various gases for different

working gas pressures: 11.0 mTorr for Ne, and 1.5 mTorr for the other three gases. The

orange circle corresponds to E′′
k,Si for Ar at 4.0 mTorr, and the blue circle represents

E′′
k,Si for Xe at 0.5 mTorr.
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When a gas with a large mass difference from Si is selected as the sputtering gas,
the energy transfer efficiency during the initial collision between the gas ion and
the target is low. However, as the sputtered Si atoms travel through the chamber
and undergo subsequent collisions with gas atoms, there is no significant loss in
their kinetic energy. Therefore, the usage of Kr and Xe for MS a-Si leads to higher
E ′′

k,Si compared to Ne and Ar. This calculation accords with the experimental
findings in Thornton and Lamb’s work studying molybdenum, in which a higher
energy per incoming particle was observed with lighter sputtering gas, such as
Ne and Ar, compared to Kr and Xe that are closer to Mo in atomic weight [103].

Gas pressure during deposition affects the mean free path of sputtered parti-
cles and, consequently, plays a crucial role in determining the energy carried by
sputtered Si atoms. At low gas pressure, atoms ejected from the target retain
higher kinetic energy, resulting in more intense bombardment of the substrate.
In this situation, atomic peening occurs, which involves energetic particles col-
liding with the substrate, causing atomic displacement and inducing film den-
sification [104]. At high gas pressure, because of increased collision frequency,
target atoms are less energetic when arriving at the substrate surface, which in
turn promotes shadowing and columnar growth with void formation at column
boundaries [105]. The transition pressure at which atomic peening takes place,
i.e. where the film stress shifts from compressive to tensile, is determined by var-
ious factors, including the atomic weight ratio between the sputtered atom and
the working gas, as well as the distance between the substrate and the target [106].

In this work, a-Si, a-Si:H and a-SiC samples were prepared in high-vacuum mag-
netron sputtering chamber on various substrates for different measurements. The
base pressure ranged from 2 × 10−8 to 1 × 10−7 Torr. An liquid nitrogen cooled
trap inside the chamber near the substrates was used to eliminate water vapor
during growth, as tracked by a residual gas analysis detector. The gas flow was
controlled at 10 sccm, and the growth rate was 0.16−0.65 Å/s for a-Si/a-Si:H
deposition, and 0.25−0.50 Å/s for a-SiC deposition. The substrate-to-target
distance was 15.2 cm and working gas pressure varies from 1.5 to 18.0 mTorr.
The temperature of the sample plate was held at 50 ◦C (room-temperature (RT)
growth), 360 ◦C and 660 ◦C. The thickness of the films studied was kept at above
300 nm and ranged from 300−380 nm.

In-situ hydrogenation of a-Si was conducted in the chamber of magnetron sput-
tering system by mixing Ar with H2. A gas mixture of 90% Ar and 10% H2 was
supplied in a flow rate of 5 or 10 sccm via nozzles near substrate plate, while
additional pure Ar was supplied into the chamber from the bottom in a flow rate
of 5 sccm to dilute the mixture gas to Ar/5% H2 and maintain the same overall
gas flow.
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3.2 Post-growth processing

The effect of post-growth treatments on structural and physical properties of a-Si,
a-Si:H and a-SiC was also explored. This section elaborates on the two processes
that were employed.

3.2.1 Vacuum annealing

Heat treatment was performed in a high vacuum chamber with a base pressure
of approximately 3×10−8−1×10−7 Torr. The heater temperature was set to 400
◦C, and the substrate plate temperature was measured by thermocouples to be
at 360 ◦C. Each annealing process lasted for 3 hours with plate rotation to ensure
a uniform temperature across the plate. We note here that because nearly all of
our films were grown on c-Si substrates, with an amorphous oxide or nitride over-
layer, differential thermal contraction after a high-T growth or annealing does
not have a significant influence, as the thermal expansion of a-Si is close to that
of c-Si [107].

3.2.2 Post-hydrogenation

Post-hydrogenation was carried out by Ashot Markosyan at Stanford University
using a standard horizontal resistance furnace. The hydrogenation was performed
at 400 ◦C using a mixture of high purity N2/5% H2, with a flow rate of 20 mL/min.
The hydrogenation process lasted for a duration of 3 hours.

3.3 Characterization techniques

3.3.1 Profilometry

Film thickness was measured using a KLA Tencor ASIQ profilometer and most
samples were controlled to have a thickness of approximately 300−350 nm. The
thickness information is required for data extraction from atomic density, film
stress, dangling bond density, mechanical loss and optical absorption measure-
ments.

36



3.3.2 Rutherford backscattering spectrometry

Rutherford backscattering spectrometry (RBS) was performed at University of
Minnesota in a NEC model 5SDH Pelletron tandem accelerator, with α-particle
beam energy of 3050 keV on samples deposited on a c-Si substrate coated with
a 300 nm-a-SiNx membrane and 50 nm-thermal oxide. SIMNRA software was
used to extract sample composition and areal density from RBS spectrum [108].
Atomic density can thus be calculated based on thickness and areal density of
the film.

Hydrogen content was extracted using Elastic recoil detection analysis (ERDA)
on samples deposited on 2 cm×1 cm c-Si substrates. ERDA is an ion beam anal-
ysis technique used to quantify light elements in solids. This technique overcomes
the limitations of RBS, which has poor sensitivity for light elements, such as hy-
drogen. Detection in ERDA occurs in forward geometry, meaning both scattered
and recoiled particles move in the direction of the detector. Typically, a stopper
foil of appropriate thickness is positioned in front of the detector to obstruct the
heavier scattered projectiles or recoils originating from the sample. Since light
element recoils experience less energy loss during traversal, they are not impeded
by the stopper foil, thus generating a detectable signal.

3.3.3 Wafer curvature measurement

Macroscopic strain was obtained from the curvature of a 2-inch c-Si wafer before
and after film deposition, which is measured by a KLA-Tencor FLX-2320 thin-film
stress measurement instrument. The bare wafers were annealed at the growth
temperature prior to the initial measurement to prevent any curvature change
caused by heating. The macroscopic film stress is extracted using the Stoney
equation:

σf =
EsH

2

6h(1 − υs)

(
1

R
− 1

R0

)
(3.3.1)

where E is the Young’s modulus, H the substrate thickness, h the film thickness,
υ the Poisson’s ratio, R0 and R are the curvature radii before and after film
deposition, and subscripts f and s represent the film and the substrate respec-
tively [109]. The macroscopic in-plane strain in the bonds, εf , in the is found from
εf = σf/E

′
f , where E ′

f is the biaxial modulus, calculated from E ′
f = Ef/(1 − ν),

Ef the Young’s modulus of a-Si, derived from shear modulus obtained from the
DPO measurements (Sec. 3.3.9) and Poisson’s ratio ν of 0.22 [110]. This strain
captures the difference between in-plane and out-of-plane Si–Si bond distances.
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3.3.4 Raman spectroscopy

Raman spectroscopy was performed using an inVia Renishaw micro-Raman/PL
system equipped with a 488 nm laser in the Wu Lab at UC Berkeley. Structural
information of a-Si/a-Si:H was extracted using the following methods: the linear
relation proposed by Beeman, Tsu and Thorpe [111], is used in this work to de-
termine the bond angle deviation, ∆θ, from the full width at half maximum Γ
of the transverse-optic (TO) peak at 480 cm−1: ∆θ = (Γ − 15)/6. Strubbe et
al. proposed that the trace of local bond strain tensor in a-Si:H is proportional
to the amount of shift in TO peak from the c-Si TO peak position, confirmed
by experimental results: tr(ε) = (ω − ω0)/s, where ω is the TO peak position
measured in cm−1, ω0 is the TO peak position in a-Si and s is a fitting parameter,
s = 460 ± 10 cm−1 [112]. Their study demonstrated that a compressive local
strain in Si-Si bonds would result in a shift of the TO peak towards a higher
wavenumber in the Raman spectrum. As a result, a positive value of tr(ε) indi-
cates compressive local strain, while a negative value represents tensile strain in
the bonding network. The samples used for Raman study were grown on a c-Si
substrate coated with a 300 nm-a-SiNx membrane and 50 nm-thermal oxide. In
our investigation, we only observed tensile local bond strain in our a-Si films.

3.3.5 Electron paramagnetic resonance

Dangling bond (DB) density (ρDB) was determined by electron paramagnetic res-
onance (EPR) spectroscopy. Measurements were made using a Bruker ELEXSYS
E580 EPR spectrometer with an X-band ER 4123D CW-Resonator at 9.62 GHz,
microwave power of 1.5 mW and magnetic-field modulation amplitude of 5 G.
Spectra were obtained from 3375 to 3475 G. A bare c-Si substrate was used to
determine the contribution from the substrate, and a KCl calibration standard
was used to quantify the spin densities in the samples.

3.3.6 Positron annihilation doppler broadening
spectroscopy

Doppler broadening spectroscopy (DBS) from positron annihilation in a-Si was
performed by Marc Weber at Washington State University to obtain the average
void size as a function of depth in a-Si. Samples were grown on c-Si with the
native surface oxide left unremoved. During the measurements, the vacuum pres-
sure was maintained below 10−7 Torr. The energy of the incident positron beam
was adjusted within the range of 50 eV to 70 keV, corresponding to implantation
depths in c-Si ranging from 1 nm to 15 µm. In this study, an energy of 25 keV
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was used, yielding an implantation depth within the substrate of the films. The
data analysis was limited to energies below 40 keV to avoid potential systematic
errors caused by backscattered positrons annihilating from the walls of the steel
vacuum chamber.

3.3.7 X-ray photoelectron spectroscopy

X-ray photoelectron spectroscopy (XPS) was used to study the chemical compo-
sition and bonding information of a-SiC. After Ar+ ion sputtering to remove the
native oxide layer on the sample surface, XPS spectra were obtained in a Perkin
Elmer PHI 5600 XPS system with monochromated Al Kα excitation source, with
a resolution of 0.025 eV and 200 ms per step, and a pass energy of 11.75 eV. The
spectrum analysis of the chemical and bonding composition was carried out using
MultiPak and CasaXPS software and the binding energies from Ref. 113 and 114.

3.3.8 Gentle nodal suspension

Mechanical loss was measured in a gentle nodal suspension (GeNS) system at
room temperature. A fused silica substrate of 50 mm in diameter and 0.5 mm
in thickness was first annealed and had its mechanical loss measured, so that the
loss contribution from the fused silica substrate is minimized, and the influence
of high Ts (or annealing temperature) on the loss of the substrate is negligible.
A film of interest was then deposited on the substrate, and by knowing the film
thickness and the elastic properties of the substrate, the mechanical loss of the
film only can be extracted. The sample was excited in the frequency range of
0−25 kHz, and since there was no frequency dependence observed, the obtained
values were averaged to obtain the loss angle ϕ, which is also the inverse of Q,
the quality factor; Q−1 =

Edissipated

2πEstored
. This technique is described in more detail in

the work of E. Cesarini et al. [115] and Li et al. [116]. The Young’s modulus (E)
and the Poisson’s ratio (ν) of the deposited film can also be extracted from the
GeNS measurements using an analytical model detailed in Ref. 117. The GeNS
measurements were conducted by Gabriele Vajente at LIGO Laboratory, Caltech.

3.3.9 Double-paddle oscillators

Mechanical loss measurements between 0.3−110 K were performed by Liu et al.
at the Naval Research Laboratory in Washington, using high purity c-Si double-
paddle oscillators (DPO) [118]. The film of interest was deposited on the neck
of the DPO. By comparing the ring-down time of the DPO’s response, obtained
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by exciting it at around 5500 Hz, before and after the deposition, the mechanical
loss of transverse modes in the film can be determined. The mechanical loss of
the deposited film is extracted using the following equation:

Q−1(T ) =
Gsubtsub

3Gfilmtfilm
(Q−1

total −Q−1
bare) (3.3.2)

where G and t refer to the shear modulus and thicknesses of the substrate or
DPO (sub) and sample (film), and T stands for the measurement temperature.
Gsub is 62 GPa. The shear modulus of the film, Gfilm, is determined from the
resonant frequency shift of the anti-symmetric mode before and after the film
deposition.

The DPO measurement extends to room temperature. However, it has been
shown that the thermoelastic loss of the c-Si substrate constitutes a significant
portion of the background loss, making it difficult to accurately extract Q−1 near
room temperature [57]. In contrast, GeNS is much less affected by the thermoe-
lastic loss in the fused silica substrate, allowing for a more reliable determination
of Q−1

RT of the deposited film.

3.3.10 Photothermal common-path interferometry

Optical absorption of the films was measured by a technique called Photothermal
common-path interferometry (PCI) at laser wavelengths of 1064 nm, 1550 nm and
2000 nm. Technical details are described in Ref. 119 and Appendix A. Experi-
ments were performed by Ashot Markosyan at Stanford University, on samples
grown on 1-inch diameter and 0.25-inch thick Corning 7980 and 7979 fused silica
discs at room temperature.

40



CHAPTER 4
GAS PRESSURE EFFECTS ON

PROPERTIES OF MAGNETRON
SPUTTERED AMORPHOUS Si

4.1 Introduction

Various deposition techniques have been reported to prepare a-Si films [76,77,90–
92]. The main difference is the energy of the incident Si atoms, which not only de-
pend on the deposition technique, but also on the growth conditions, as discussed
in Sec. 3.1. It is believed that the rigid, tetrahedral covalent bonding network
of a-Si is the key to suppress formation of tunneling two-level systems, which
explains its unusually low plateau loss at 1−10 K in comparison to traditional
glasses. Liu et al. attributed the first observation of lack of low-T excitation in
HWCVD a-Si:H to hydrogen passivation of dangling bonds [76]. However, it was
later shown by our group that hydrogen is not essential for removing TLSs in
electron-beam evaporated a-Si [77]. It was then proposed by Queen et al. that
the formation of TLSs is related to underconstrained, low-density regions with
nano-scale defects [62, 63]. Molina-Ruiz et al. also reported a dependence of
TLS density on atomic density of e-beam a-Si and suggested that nanovoids are
associated with mechanical dissipation, while dangling bonds are responsible for
dielectric losses [78].

Since previous studies have shown that a denser structure of a-Si is helpful in
reducing nanovoids and TLS density, as well as improving the low-T loss [78,89],
it gives motivation to deposit high-density a-Si films. In sputtering, film den-
sification is achieved via energetic sputtered particles, described by the atomic
peening effect [104,120]. One method to increase the kinetic energy possessed by
the incoming atoms is to lower the working gas pressure. This chapter presents
the first observation of overdense a-Si films produced through magnetron sput-
tering. The influence of deposition parameters, particularly the pressure of the
working gas (Ar in this work), and post-growth heat treatment on the structure
and mechanical loss of these high-density a-Si films is examined. Through the
characterization of magnetron sputtered a-Si, we gained insights into the energy
dissipation mechanisms at different temperature regimes, which provide valuable
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guidance for optimizing deposition and treatment methods to reduce mechanical
loss in a-Si.

4.2 Growth conditions

Amorphous silicon films were prepared by magnetron sputtering with a Si target
of 99.999% purity, at a base pressure of 10−8−10−7 Torr with the use of liquid
nitrogen cold trap. Two substrate temperatures (Ts) were chosen, 50 ◦C, which
corresponds to RT growth, and 360 ◦C. This study explored Ar pressures from
1.5 to 10.0 mTorr. 1.5 mTorr was the lowest Ar pressure to maintain a stable
plasma for the Si gun. The growth rate varies from 0.30−0.65 Å/s.

4.3 Results

4.3.1 Atomic density and macroscopic strain

In general, as-deposited a-Si has a lower atomic density (ρat) than its crystalline
couterpart; the atomic density of e-beam a-Si films grown at room temperature
and 425 ◦C (blue dashed lines in Fig. 4.1) is 10.6% and 1.2% below c-Si density,
respectively [89]. However, we found that by depositing a-Si films at RT and low
Ar pressures (1.5 or 2.0 mTorr) using magnetron sputtering, higher film densities
compared to c-Si (5.0 × 1022 at·cm−3) were achieved, as illustrated in Fig. 4.1.
The reported a-Si densities were up to 2.3% higher than c-Si densities. In con-
trast, when grown at high Ts, the films are underdense with a density close to
that of c-Si density. Additionally, raising the substrate temperature narrowed
the difference in density caused by changes in sputtering gas pressure.

Films deposited at 10.0 mTorr exhibit significantly lower densities compared to
other samples. An interesting observation is the exceptionally high oxygen con-
tent (10−30 at.%) in the 10.0 mTorr films, whereas the other samples have less
than 1 at.% oxygen (Table C.1). RBS spectra indicate that oxygen is uniformly
distributed throughout the entire film, suggesting either in-situ oxidation during
deposition or the presence of interconnected channels that facilitated oxygen dif-
fusion post-growth. The percentage of Ar is below the detection limit (0.1 at.%)
in all MS a-Si films, which indicates the absence of back-reflected gas neutrals in
these samples.

To prevent oxidation after deposition, one sample was prepared with a 10 nm
thick platinum capping layer. However, this sample still contained approximately

42



30 at.% oxygen. This observation may be attributed to the highly porous struc-
ture formed under high sputtering pressure, as such underdense films are more
susceptible to impurity uptake during growth. Therefore, the physical properties
of the Ar 10.0 mTorr samples were not further studied.

Figure 4.1: Atomic density of MS a-Si films under different deposition conditions in

as-deposited (AD) and annealed forms. The atomic densities of c-Si and e-beam a-Si

films [89] are represented by black and blue dashed lines, respectively.

Internal stress in MS a-Si films was obtained from the change in wafer curvature
before and after deposition, and is shown in Fig. 4.2 (a). Given that the samples
were deposited on c-Si wafers with a surface native oxide layer, and the thermal
expansion of a-Si is similar to that of c-Si, the differential thermal contraction
between the film and the substrate after high-T growth or annealing has minimal
impact on the film stress (Sec. 3.2.1). MS a-Si films show compressive residual
stress of 800 MPa when grown at 1.5 mTorr, tensile stress ≤100 MPa at 4.0
mTorr, and compressive stress ∼100 MPa at 10.0 mTorr. By raising Ts, the
magnitude of the residual stress is reduced, with the largest discrepancy found
in the two 1.5 mTorr samples. It should be noted that annealing also leads to a
reduction in film stress in all samples, with a larger change in internal stress for
films deposited at room temperature.

The macroscopic strain, obtained from the residual film stress shown in Fig. 4.2
(a) and analyzed as described in Sec. 3.3.3, is presented in Fig. 4.2 (b). The 10.0
mTorr samples were not included in the DPO measurements, and as a result,
no information regarding their elastic properties was available. Therefore, the
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macroscopic strain of the 10.0 mTorr samples is not presented. The MS a-Si
films deposited at 1.5 mTorr has macroscopic compressive strain and are over-
dense, whereas a-Si films deposited at 4.0 mTorr exhibit tensile strain and are
underdense, for both Ts. These findings are explained by the atomic peening
effect: lower gas pressure allows atoms to reach the film growth surface with
more energy (Fig. 3.3), resulting in denser films and compressive macroscopic
strain [104,120]. Figure 4.2 also shows that by increasing Ts or by annealing the
samples, the magnitude of the macroscopic stress and strain is reduced.

Figure 4.2: (a) Macroscopic stress in MS a-Si in as-deposited (AD) and annealed states

as a function of substrate temperature (Ts) for different working gas pressures (1.5, 4.0

and 10.0 mTorr). (b) Macroscopic strain in MS a-Si in as-deposited and annealed states

as a function of Ts for two working gas pressures (1.5 and 4.0 mTorr).

4.3.2 Bond angle deviation and local bond strain

As mentioned in Sec. 3.3.4, the structural information, including bond angle devi-
ation and local strain in Si–Si bonds, is extracted from the TO peak of the Raman
spectra of a-Si. Bond angle deviation (∆θ) describes the dispersion of bond angle
distribution in a-Si with respect to the tetrahedral bond angle, 109.5◦, in c-Si.
Figure 4.3 shows the dependence of ∆θ on growth temperature, Ar pressure and
annealing. For as-deposited films, ∆θ does not vary much from 1.5 to 4.0 mTorr
for a-Si deposited at RT, but a slight increase was seen in samples grown at 360
◦C. When a sputtering pressure of 10.0 mTorr is used, ∆θ experiences a notice-
able decrease for both RT- and 360 ◦C-deposited a-Si. Increasing Ts reduces ∆θ,
which is consistent with the findings in e-beam a-Si [89]. We notice that all MS
a-Si films have higher ∆θ than e-beam a-Si grown at similar temperatures. Even
after annealing, the lowest ∆θ achieved in MS a-Si is still higher than that in
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e-beam a-Si (both achieved in high-T deposited samples).

Figure 4.3: Bond angle deviation as a function of gas pressure of magnetron sputtered

a-Si films grown at RT and 360 ◦C in as-deposited and annealed forms, with comparison

to e-beam a-Si films grown at similar temperatures (dashed lines) [89].

The local strain of Si–Si bonds, tr(ε), for the same samples is shown as ∆θ and
is plotted in Fig. 4.4. The local bond strain is tensile for all MS and e-beam
a-Si films, even though the macroscopic strain, which is planar in nature, is com-
pressive for the MS films grown at 1.5 mTorr. It may seem counterintuitive, but
compressive macroscopic strain means that in-plane bonds are compressed rela-
tive to out-of-plane bonds, however the in-plane and out-of-plane strain can both
be tensile, compared to c-Si. Typical defects present in a-Si such as divacancies,
nanovoids and columnar boundaries [63, 89, 121] will likely result in local tensile
stress fields on all surrounding Si–Si bonds. Contrary to ∆θ, the bond strain
shows rather consistent trends across all samples: tr(ε) increases with sputtering
pressure but decreases with Ts.

The effect of annealing is different in ∆θ and tr(ε); annealing causes ∆θ to de-
crease for samples grown at 1.5 and 4.0 mTorr, tr(ε) increases or remains the
same. However, the 10.0 mTorr samples show an increase in both ∆θ and tr(ε)
after annealing.
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Figure 4.4: Local bond strain versus Ar pressure in MS a-Si grown at different Ts in

their as-deposited and annealed states, in comparison to e-beam a-Si (dashed lines) [89].

4.3.3 Dangling bond density

The DB density (ρDB) of MS a-Si is shown in Table 4.1 and is around 1019

spins·cm−3, which is nearly an order of magnitude higher than what has been
previously reported in e-beam a-Si [89]. There is no significant dependence of
ρDB on Ar pressure, growth temperature or annealing. The difference in ρDB of
MS and e-beam a-Si can be attributed to the nature of the two deposition tech-
niques. Sputtered atoms have much higher kinetic energy compared to thermally
evaporated atoms when they reach the substrate, they cause knock-on collisions
that lead to damage to the film structure and formation of dangling bonds.

4.3.4 Doppler broadening spectroscopy

Doppler broadening spectroscopy results indicate that in MS a-Si, deposited at
Ar pressure of 1.5 mTorr, the open volume in the network is dominated by diva-
cancies, instead of the nanovoids seen in e-beam a-Si [89]. The divacancy con-
centration of both RT- and 360 ◦C-deposited MS a-Si is ∼1.6 × 1018 cm−3. The
presence of an equivalent divacancy concentration in both films, despite one be-
ing underdense and the other overdense, suggests that the overdense (RT-grown)
sample likely contains self-interstitials, probably due to the atomic peening effect.
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4.3.5 Mechanical loss

Figure 4.5 shows Q−1 measured by DPO from 0.3 to 110 K. Liu et al. [92] first
demonstrated that higher Ts helps lower Q−1

0 of MS a-Si; while this is a signifi-
cant effect, it is far smaller than the orders of magnitude improvement found in
e-beam a-Si. Our results confirm that a reduction of up to 48% can be achieved by
increasing Ts from RT to 360 ◦C. In addition, we found that sputtering pressure
has a negligible impact on Q−1

0 of MS a-Si. Heat treatment is also not effective
in improving low-T mechanical loss of a-Si films grown at high Ts; Q

−1
0 remains

at almost the same level before and after annealing the 360 ◦C, 1.5 mTorr a-Si
sample.

Figure 4.5: Mechanical loss of MS a-Si at low temperatures in their as-deposited and

annealed states, compared to e-beam a-Si deposited at RT, 350 ◦C and 400 ◦C [77].

Table 4.1 compares the low-T loss reported in this work, with the Q−1
0 of a-Si

made by other techniques [77, 90–92]. The lowest Q−1
0 seen in MS a-Si is on the

same level as the a-Si grown using IBS and RLVIP [90,91]. E-beam a-Si, in com-
parison, exhibits a much lower Q−1

0 of 2 × 10−6 at 400 ◦C compared to the other
PVD techniques; approximately a ten-times improvement in the mechanical loss
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at cryogenic temperatures [77]. The DPO measurements at 300 K yielded the
shear modulus at RT, as described in Sec. 3.3.9: 31.8 GPa for the RT, 1.5 mTorr
AD a-Si, 46.1 GPa for the 360 ◦C, 1.5 mTorr AD a-Si, and 44.6 GPa for the 360
◦C, 4.0 mTorr AD a-Si. These results indicate an increase in bond stiffness with
higher Ts and lower Ar pressure.

The mechanical loss measured by GeNS at room temperature was averaged across
various frequencies, as there was no frequency dependence. The weighted means
are shown in Fig. 4.5 and Table 4.1. It can be seen that, to achieve a low Q−1

RT , low
sputtering pressure and a high Ts are required. The lowest RT loss, 1.12 × 10−4,
is observed in the a-Si film grown at 360 ◦C and 1.5 mTorr, which is about 1.9
times lower than that in e-beam a-Si, which is prepared at a similar Ts (425
◦C) [95].

The influence of annealing on MS a-Si is also illustrated in Fig. 4.6. The RT
mechanical loss is improved after annealing for the RT-deposited MS a-Si at 1.5
mTorr, and overall the lowest RT loss was achieved in this sample (8.5 × 10−5).
This loss is on the same level as the previously reported lowest Q−1

RT in IBS a-Si
(9.0× 10−5) [90]. Q−1

RT of the sample grown at 360 ◦C and 1.5 mTorr remained at
the same level after the heat treatment. This phenomenon is consistent with the
effect of annealing in e-beam a-Si, where the Q−1

RT of the RT-deposited sample is
reduced to that of the 425 ◦C-deposited one after annealing [95]. Nonetheless,
heat treatment yields a lower loss of 9.0 × 10−5 in the MS a-Si grown at 360 ◦C
and 4.0 mTorr. Table 4.1 summarizes the mechanical loss of a-Si films prepared
by various methods at 1 and 10 K and at room temperature.
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Figure 4.6: Room-temperature mechanical loss dependence of MS a-Si on Ar pressure

in their as-deposited (top) and annealed states (bottom). Dashed lines are the RT

mechanical loss of e-beam a-Si from Ref. 95.
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4.4 Discussion

In this study, we used magnetron sputtering with various Ar pressures to inves-
tigate the effect of incident atom kinetic energy on the structure and properties
of MS a-Si films and explore the optimal deposition conditions. The dependence
of kinetic energy of sputtered Si atoms on the working gas and its pressure is
discussed in Sec. 3.1. Our results show that compared to other sputtering-based
techniques, such as IBS and RLVIP, MS a-Si exhibits similar loss behaviors at
both cryogenic temperatures and room temperature (Table 4.1). However, the
mechanical loss of the sputtered films behaves quite differently from e-beam a-Si;
while Q−1

0 of MS a-Si exhibits only limited improvement with increased Ts, a
reduction of 2 orders of magnitude in Q−1

0 with higher Ts was observed in e-beam
a-Si. Moreover, the Q−1

RT of MS a-Si is lower than that of e-beam a-Si at approx-
imately the same Ts, and it exhibits a similar improvement in Q−1

RT with higher
Ts compared to e-beam a-Si (Fig. 4.5). A lower Ar pressure was found to have
a slight reducing effect on Q−1

RT . It is noteworthy that for both e-beam and MS
a-Si, annealing the RT-deposited sample results in a similar Q−1

RT to that of the
high-T deposited sample, whereas for Q−1

0 , annealing is considerably less effective
than growing at high Ts [95]. The annealed RT-deposited e-beam sample retains
a significantly higher Q−1

0 value compared to the one deposited at a higher Ts

of 425 ◦C, with the difference spanning approximately two orders of magnitude.
These findings suggest that the mechanisms responsible for energy dissipation at
low temperatures and at room temperature are distinct and are associated with
different origins.

As discussed in Sec. 2.2, the plateau loss, Q−1
0 at 1 K, is directly proportional to

the density of tunneling two-level systems, and several authors have investigated
the structural origins of TLSs in a-Si [62,78,122]. Previous studies have reported
that in e-beam a-Si, films exhibiting higher atomic density and fewer low-density
regions, specifically nanovoids, demonstrate lower Q−1

0 [78, 89]. Based on these
results, we were led to speculate that Q−1

0 might show a minimum at the c-Si
density, with the absence of nanovoids. However, the findings of this study in-
dicate that the relationship between Q−1

0 and ρat observed in previous research
does not hold true for our samples. Take the MS RT, 1.5 mTorr a-Si, one of the
overdense samples for example. It has a Q−1

0 that is over 10 times higher than
the underdense e-beam 425 ◦C a-Si. Furthermore, samples with the same ρat,
MS 360 ◦C, 4.0 mTorr a-Si and e-beam 425 ◦C a-Si, showed completely different
low-T loss behaviors, with Q−1

0 values of 2.8 × 10−5 and 0.2 × 10−5, respectively.
These results imply that the formation of TLSs and energy dissipation at low
temperatures in a-Si cannot be attributed to nanovoids alone.

Structural disorder, which is reflected in bond angle deviation, does not explain
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the differences in Q−1
0 either. In general, e-beam a-Si shows a lower ∆θ than

MS a-Si grown at similar Ts and low gas pressures (Fig. 4.3). However, the Q−1
0

of MS RT, 1.5 mTorr a-Si is one tenth of that of e-beam a-Si grown at room
temperature. In addition, the Q−1

0 of the annealed MS 360 ◦C, 1.5 mTorr sample
is ten times higher than that of the e-beam 425 ◦C a-Si, despite having almost
the same ∆θ.

We also observed that the variation in dangling bond density does not consis-
tently correspond to the low-T loss behavior. For instance, in the case of the MS
360 ◦C, 1.5 mTorr sample, there was a decrease in ρDB after vacuum annealing,
while its Q−1

0 remained almost unchanged (Table 4.1). In addition, the difference
in Q−1

0 between MS and e-beam a-Si cannot be explained solely by their respec-
tive ρDB values. These findings suggest a lack of correlation between Q−1

0 and
ρDB, consistent with previous observations by Molina-Ruiz et al. in e-beam a-Si
films of various thicknesses [78].

Changes at the macroscopic level are a reflection of microstructural changes. The
incident Si atoms in sputtering possess high kinetic energy, resulting in knock-
on damage to the deposited film and potential penetration of the surface layer.
Bombardment by high-energy particles in sputtering processes leads to compres-
sive film stress (Fig. 4.2 (a)) and a more compact atomic packing, known as the
atomic peening effect [104,120]. As discussed in Sec. 3.1, with higher Ar pressure,
an increased number of collisions take place between sputtered Si atoms and Ar
atoms. This higher collision frequency causes a decrease in the kinetic energy
carried by sputtered Si atoms when they reach the substrate. This is reflected in
the compressive-to-tensile transition in macroscopic strain when the Ar pressure
is increased from 1.5 to 4.0 mTorr, as well as the smaller magnitude of macro-
scopic strain observed in the 4.0 mTorr samples. Furthermore, a-Si deposited at
higher gas pressures exhibits a lower density compared to c-Si, indicating a less
densely packed structure.

Due to the nature of the sputtering process, the predominant defects observed in
MS a-Si are divacancies (two missing Si atoms) and self-interstitials (Sec. 4.3.4),
contrasting with the nanovoids involving multiple missing atoms in e-beam a-Si.
The impact of Ts on ρat is less prominent in MS a-Si grown at low Ar pressure
(1.5−4.0 mTorr) than in e-beam a-Si. We propose that these defects create re-
gions in which TLSs form, akin to the effect of nanovoids in e-beam a-Si: the
MS RT, 1.5 mTorr a-Si exhibits a lower Q−1

0 compared to e-beam RT a-Si due to
its denser film structure and fewer open-volume defects (divacancies/nanovoids)
(higher ρat), but the Q−1

0 of MS a-Si grown at high Ts (300−430 ◦C) is signifi-
cantly higher than that of e-beam a-Si grown at 300 and 400 ◦C, as suggested by
Liu et al. [92] and confirmed by our results.
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The narrow range in Q−1
0 of MS a-Si grown at different Ts and different Ar

pressures corresponds to the small variations observed in bond angle deviation
and local bond strain under different deposition conditions. In electron-beam
evaporation, raising the substrate temperature leads to densification by eliminat-
ing nanovoids, resulting in a film structure of lower ∆θ and tr(ε) [89]. Similarly,
in magnetron sputtered samples, we observed a lower ∆θ and a lower tr(ε) with
higher Ts, but the changes are smaller. The influence of elevated Ts is weaker
in MS a-Si compared to e-beam a-Si, on Q−1

0 and structural properties (ρat, ∆θ
and tr(ε)). The damage and defects accumulated during sputtering are likely
embedded sub-surface in the sputtered film, making their removal challenging.
The enhanced diffusion at higher temperatures, especially surface diffusion, is less
effective in promoting structural relaxation and eliminating defects in MS a-Si,
as these damages and defects are located deep within the film.

We turn now to the RT mechanical loss, which is lower for MS a-Si than e-beam
a-Si for similar growth temperatures, as shown in Fig. 4.6. This phenomenon
cannot be solely explained by any single property among those structural proper-
ties discussed earlier, including atomic density, bond angle deviation, local strain,
or dangling bond density. We propose that the energy dissipation mechanism at
room temperature is governed by the rigidity of the bonding network, rather
than the regions surrounding individual defects. Network rigidity can be exam-
ined from two perspectives: the resistance of bonds to movement, characterized
by bond stiffness, and the flexibility of individual atom movement, influenced by
the arrangement of neighboring atoms and the presence of defects. Open-volume
defects would provide more space for atomic movement, while self-interstitials
would restrict it. Enhancing the network rigidity can be achieved by promoting
the formation of a denser and more ordered structure, eliminating defects, par-
ticularly open-volume defects that allow for atomic movement, and facilitating
structural relaxation at elevated substrate temperatures.

The shear modulus of MS a-Si, determined from DPO measurements serves as
an indicator of the stiffness of Si–Si bonds. It exhibits an increase with higher
Ts and lower gas pressure (Sec. 4.3.5), even though atomic density reduces. This
behavior in MS a-Si can be attributed to two underlying factors. Firstly, low gas
pressure results in higher incident atom energy, leading to film densification, as
illustrated in Fig. 4.1. Secondly, elevated Ts induces structural reorganization, al-
lowing the atoms to adopt lower energy configurations and strengthen the bonds,
resulting in a higher G. The difference in bond stiffness provides an explanation
for the RT loss performance of MS a-Si; among all the as-deposited MS a-Si films,
the sample deposited at 360 ◦C and 1.5 mTorr exhibits the highest G and the
lowest Q−1

RT value.
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The e-beam a-Si also shows a decreasing trend in Q−1
RT with increasing G, similar

to MS a-Si. The RT-deposited e-beam sample has a G of 35.6 GPa and a RT loss
of 4.2× 10−4, and the 425 ◦C-deposited e-beam sample has a G of 61.1 GPa and
a RT loss of 2.2 × 10−4 [95, 123]. However, comparing these results to those of
MS a-Si, we find that the MS 360 ◦C, 1.5 mTorr a-Si has a lower G (46.1 GPa)
than the 425 ◦C-grown e-beam a-Si, but a Q−1

RT (1.1 × 10−4) that is half of the
425 ◦C-grown e-beam a-Si. These findings suggest that bond stiffness alone does
not fully account for the suppression of energy dissipation mechanism at RT.
In addition to less stiff bonds, the availability of adjacent space is required for
atomic movements to take place. The denser packing and absence of nanovoids
in MS a-Si, induced by atomic peening, compared to e-beam a-Si, help suppress
these activities that cause mechanical loss.

The effects of post-growth annealing were also investigated. It was found that
annealing improves Q−1

0 of e-beam samples grown at RT, but does not affect the
Q−1

0 of MS 360 ◦C-deposited a-Si (Fig. 4.5), and e-beam 425 ◦C-deposited a-Si.
Moreover, the e-beam annealed RT-deposited a-Si still exhibits a Q−1

0 value that
is approximately two orders of magnitude higher than that of the e-beam 425
◦C-deposited a-Si [95]. In contrast, annealing the RT-grown sample has a similar
impact on Q−1

RT to depositing at high Ts in reducing Q−1
RT in MS and e-beam a-Si

(Fig. 4.6).

A major distinction between annealing and high Ts is that annealing primarily
promotes bulk diffusion and defect coarsening, whereas during growth, surface
diffusion is also promoted, which is a more efficient means to remove defects.
One example is proton-irradiated silicon, where annealing above 250 ◦C leads
to the clustering of divacancies into voids containing more than two missing
atoms, as revealed by the decrease in the positron trapping rate associated with
divacancies [124]. The observed agglomeration of divacancies in annealed proton-
irradiated silicon explains the unexpected increase in local bond strain in MS a-Si
after annealing, contrary to the results observed at high Ts. This increase in local
bond strain is likely attributed to the coalescence of divacancies into voids during
annealing. In addition, the reduction in ∆θ of the MS Ar 1.5 and 4.0 mTorr
films is smaller by annealing than by raising Ts. These phenomena suggest that
annealing is less effective in removing existing defects in the structure. This ex-
plains why the same Q−1

0 is found in the MS 360 ◦C, 1.5 mTorr sample before
and after annealing. The dissipation mechanism at room temperature, however,
is determined by the bonding network and is suppressed by stronger bonds and
enhanced structural order. Such improvements can be achieved through local
atomic rearrangement facilitated by bulk diffusion, which requires short travel
distances and small atomic movements. Hence, the enhancement of Q−1

RT is inde-
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pendent of the timing of heat application, whether during or after the deposition
process, as the role of surface diffusion, which enables large length scale diffusion,
is less important.

4.5 Summary

This chapter presented a systematic study of the effects of the pressure of work-
ing gas, Ar in this case, substrate temperature and annealing on the properties
of magnetron sputtered a-Si films. Quantitative structural characterization and
mechanical loss measurements were conducted, and the results were compared to
a-Si films grown by other PVD techniques. The MS RT-deposited sample grown
at 1.5 mTorr shows lower mechanical loss at cryogenic temperatures and room
temperature than the e-beam RT-deposited a-Si, thanks to its denser structure.
By growing at high Ts, mechanical losses at low temperatures and room tem-
perature are further improved. Annealing is demonstrated to bring improvement
to mechanical loss at room temperature, whereas its impact on Q−1

0 is not as
prominent. We showed that the Q−1

RT of the annealed MS RT 1.5 mTorr a-Si
is lower than the lowest RT loss achieved in e-beam a-Si, and is approximately
65% lower than the currently used high-index material a-Ti:Ta2O5. However, the
low-T mechanical loss of the high-T deposited MS a-Si is still ∼10 times higher
than that of the high-T deposited e-beam a-Si.

We proposed that defects such as divacancies and self-interstitials in MS a-Si,
along with nanovoids in e-beam a-Si, contribute to the formation of TLSs and
the dissipation of energy at low temperatures through tunneling events between
TLSs. The network rigidity, characterized by bond stiffness and ease of atomic
movement, is related to dissipation mechanisms at room temperature. Given the
promising mechanical loss results and strong dependence on deposition condi-
tions for a-Si, further optimization of PVD process parameters may lead to even
better performance as a mirror coating material for GW detectors operating at
cryogenic temperatures and at ambient temperature.
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CHAPTER 5
ROLE OF WORKING GAS ON FILM

PROPERTIES OF SPUTTERED
AMORPHOUS Si

5.1 Introduction

It was recognized quite early that structural and physical properties of films grown
by sputtering depend on the working gas, as the momentum transfer efficiency
is related to the mass ratio of the gas ion and the sputtered atom. As discussed
in Sec. 3.1, it was shown that changing both the working gas and its pressure
has a strong influence on the kinetic energy of sputtered Si atoms. Previously we
have explored a range of Ar pressure to deposit a-Si in a magnetron sputtering
system (Chapter 4). Low gas pressure (1.5 mTorr) was found to promote densi-
fication in as-deposited films and lead to lower mechanical loss at both cryogenic
temperatures and room temperature. We proposed that the observed improve-
ment is associated with the higher kinetic energy possessed by incident Si atoms
when arriving at the substrate. Energetic adatoms play a role in reducing the
presence of open-volume defects, i.e. divacancies in MS a-Si. This leads to a
denser structure and a more rigid bonding network, which in turn suppresses en-
ergy dissipation mechanisms. Therefore, we were motivated to explore a broader
range of incoming particle energy by changing the working gas and examine its
influence on the film structure and physical properties of MS a-Si. In this chap-
ter, a systematic study on a-Si deposited using neon, argon, krypton and xenon,
and a discussion on the influence of adatoms’ kinetic energy on the film struc-
ture and its subsequent effects on mechanical properties of MS a-Si are presented.

5.2 Growth conditions

The a-Si films were grown by magnetron sputtering of a Si target (99.999% pu-
rity), in a vacuum of 10−8−10−7 Torr. In accordance with the findings presented
in Chapter 4, where it was demonstrated that a higher substrate temperature
contributes to enhanced structural order and reduced mechanical loss at low
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temperatures and room temperature, Ts was maintained at 360 ◦C for all sam-
ples studied in this research. The lowest gas pressure that stabilizes the plasma
was chosen; for Ar and Kr, this pressure was 1.5 mTorr; for Xe, it was 0.5 mTorr;
and for Ne, it was 11−18 mTorr. The system was set to constant gun power
mode, allowing for automatic adjustment of gun voltage and discharge current.
Detailed information on parameters of the sputtering gun and growth rate is
shown in Table 3.1. We noticed that the discharge current becomes lower with
heavier sputtering gas. A fourfold difference exists across the discharge current
of different gases. While it is expected that heavier sputtering gases would result
in fewer Si atoms being sputtered away from the target, due to a lower sputtering
yield [101], the growth rate does not directly correlate with the atomic weight of
working gas. This is because the number of Si atoms reaching the substrate is
also influenced by collisions with gas atoms in the chamber.

5.3 Results

5.3.1 Atomic density

The atomic density extracted from RBS spectra is plotted against the atomic
weight of working gas in Fig. 5.1 and is also shown in Table 5.1. Reflected gas
is below detection limit (0.1 at.%) in all films, except for the one prepared with
Ne, which has gas inclusion of ∼2 at.% at high sputtering pressure (11.0 mTorr).
The oxygen content is less than 0.5 at.% for films deposited with Ar, Kr and
Xe, whereas the Ne-deposited sample has an oxygen content of approximately 6
at.%. The low ρat and high oxygen content seen in the Ne 11.0 mTorr and Ar
10.0 mTorr a-Si (Sec. 4.3.1) indicate that when using high gas pressure during
deposition, a significant number of vacancies/voids are formed within the film.
These open-volume defects create rapid diffusion pathways for oxygen, making
the film more vulnerable to oxidation when exposed to the atmosphere.

With Ar, Kr and Xe, the atomic density of MS a-Si does not show significant
variation with the choice of working gas. Only a slight increase in ρat is observed
when transitioning from Ar to Xe. The density of the a-Si films deposited using
Xe at 0.5 and 1.5 mTorr does not exhibit any noticeable difference. It should
be noted that none of the studied samples in this chapter exhibit an overdensity,
which was seen in the a-Si deposited with Ar at 1.5 and 2.0 mTorr at room tem-
perature, as reported in Sec. 4.3.1.
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Figure 5.1: Dependence of atomic density of a-Si deposited at 360 ◦C on atomic weight

of working gas: Ne - 20, Ar - 40, Kr - 84, Xe - 131. The gas pressure for Ne is 11.0

mTorr and for Ar, Kr and Xe is 1.5 mTorr. The blue circle indicates the density of

Xe 0.5 mTorr deposited a-Si. The density of c-Si (5.0× 1022 atoms·cm−3) is added for

reference (dashed line).

5.3.2 Bond angle deviation and local bond strain

Raman spectroscopy study reveals the local ordering in the a-Si network. The
two structural parameters extracted, ∆θ and tr(ε), are plotted in Fig. 5.2. The
influence of gas weight on the structure of MS a-Si is evident; heavier sputtering
gas promotes a more ordered atomic arrangement, as indicated by the smaller
deviation in bond angle. The local bond strain in all films remains tensile and
does not exhibit a consistent trend with the weight of the working gas. We also
measured the MS Xe 0.5 mTorr a-Si and found that it has the same Raman
response as the Xe 1.5 mTorr sample.

5.3.3 Dangling bond density

Figure 5.3 illustrates the variation in dangling bond density for MS a-Si films
deposited using different gases. The observed changes in ρDB remain within a
narrow range compared to the difference between MS and e-beam a-Si, which
is approximately one order of magnitude (Table 4.1). The maximum difference
observed is about twofold. No correlation is seen between ρDB and either the
atomic weight of the sputtering gas or the working gas pressure. The DB density
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Working gas
ρat ρDB G

×1022 at·cm−3 ×1018 spins·cm−3 GPa
Ne 11.0 mTorr 3.68 ± 0.21 8.4 ± 1.0
Ar 1.5 mTorr 4.73 ± 0.09 17.5 ± 1.0 46.1

4.0 mTorr 4.94 ± 0.07 14.4 ± 0.8 44.6
Kr 1.5 mTorr 4.68 ± 0.19 12.7 ± 1.4 45.3
Xe 0.5 mTorr 4.81 ± 0.13 12.8 ± 1.3 48.3

1.5 mTorr 4.97 ± 0.08 16.4 ± 1.7 48.2

Table 5.1: Atomic density, dangling bond density and shear modulus extracted from

DPO measurements.

Figure 5.2: Bond angle deviation (∆θ) and trace of strain in local bonding (tr(ε))

extracted from Raman spectrum of MS a-Si deposited using different working gases

(sputtering pressure: 1.5 mTorr, Ne: 11.0 mTorr).

data is also listed in Table 5.1.

5.3.4 Mechanical loss

Four a-Si samples were prepared on DPO substrates for subsequent measure-
ments. Figure 5.4 shows the mechanical loss of a-Si films from 0.3 to 110 K.
Changing the working gas from Ar to Kr led to a small reduction in Q−1

0 , while
there was no improvement observed with heavier gas, Xe, at the same pressure,
1.5 mTorr. In Ar-deposited samples, a similar Q−1

0 was observed for films grown
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Figure 5.3: Dangling bond density of MS a-Si prepared by different gases. The working

gas pressure was 11.0 mTorr for Ne, and 1.5 mTorr for the other gases. The blue circle

indicates the ρDB of the Xe 0.5 mTorr sample.

at 360 ◦C, 1.5 mTorr and 4.0 mTorr. In contrast, a significant decrease in Q−1
0

was seen when the Xe pressure was reduced from 1.5 to 0.5 mTorr, likely related
to a larger increase in incident atom kinetic energy than that between Ar 4.0
and 1.5 mTorr (Fig. 3.3). The lowest Q−1

0 is obtained in the Xe-sputtered a-Si
at 0.5 mTorr, which is 8.0×10−6 at 1 K and 1.2×10−5 at 10 K. Although the MS
360 ◦C, Xe 0.5 mTorr a-Si shows the lowest Q−1

0 compared to other sputtered
samples, including those obtained through IBS and RLVIP techniques [90, 91],
the difference in loss between the MS Xe-deposited a-Si and e-beam a-Si is still
approximately four times at 1 K and over one order of magnitude at 10 K [77]
(Table 4.1).

The mechanical loss at room temperature, obtained from GeNS measurements,
of MS a-Si using different gases is presented in Fig. 5.5. The significant reduc-
tion seen in Q−1

RT , over a factor of 6, when switching from Ne to heavier gas is
likely attributed to the porous film structure resulting from the high Ne pressure
employed during deposition. From Ar to Xe, increasing the atomic weight of
working gas brought slight improvement in Q−1

RT ; the RT loss is lowered by 20%
if Xe is used to sputter Si atoms instead of Ar at 1.5 mTorr. Decreasing the
gas pressure in the case of Xe however, does not lead to further improvement
in Q−1

RT . The lowest RT loss, 8.9 × 10−5, is found in the film grown using Xe at
1.5 mTorr, which is comparable to the previously reported lowest value among
sputtered a-Si films, in annealed IBS a-Si (9.0 × 10−5) [90], and in annealed MS
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Figure 5.4: Low-temperature mechanical loss of MS a-Si prepared using Ar, Kr and

Xe. Ar- and Kr-deposited samples were prepared at 1.5 mTorr. Two gas pressures

were attempted for Xe: 0.5 and 1.5 mTorr to investigate the lowest attainable loss in

MS a-Si.

RT, Ar 1.5 mTorr a-Si (8.5 × 10−5) (Sec. 4.3.5). A summary of Q−1 at various
temperatures is provided in Table 5.2. The shear modulus extracted from DPO
measurements is listed in Table 5.1.

5.4 Discussion

The relationship between the kinetic energy of incident Si atoms and the atomic
weight of the sputtering gas is discussed in Sec. 3.1. It is explained that the larger
the difference in atomic weight between the working gas and the target atom, the
lower the efficiency of momentum transfer, resulting in lower kinetic energy pos-
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Figure 5.5: Room-temperature mechanical loss dependence of MS a-Si on atomic weight

of working gas. Ne-deposited a-Si (insert) was prepared at 18.0 mTorr. The orange

circle stands for the RT loss of Ar 4.0 mTorr deposited a-Si and the blue data point

represents the loss of a-Si deposited using Xe at 0.5 mTorr.

Growth conditions
Q−1 (×10−5)

1 K 10 K 300 K
Ne 18.0 mTorr 64.7±0.4
Ar 1.5 mTorr 2.5 3.0 11.2±0.1
Kr 1.5 mTorr 1.4 1.9 10.6±0.1
Xe 0.5 mTorr 0.8 1.2 9.0±0.1
Xe 1.5 mTorr 1.7 2.0 8.9±0.1

Table 5.2: Mechanical loss of MS a-Si at a substrate temperature of 360 ◦C, using

different gases and sputtering pressures.

sessed by the sputtered atoms when leaving the target (Eq. 3.1.1). Nonetheless,
these sputtered atoms experience less energy loss in subsequent collisions with gas
atoms in the chamber before reaching the substrate surface (Eq. 3.1.4). Figure 3.3
demonstrates that E ′′

k,Si increases with higher atomic weight of the sputtering gas
and lower gas pressure. For Ar at 1.5 mTorr, Kr and Xe, the resulting E ′′

k,Si is
significantly higher than the average thermal energy at room temperature (∼25
meV). In contrast, for Ne and Ar at 4.0 mTorr, the sputtered Si atoms are ther-
malized (Table 3.1), and the impact with the substrate upon arrival is expected
to be minimal.
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When energetic atoms collide with the substrate surface during deposition, they
can displace surface atoms and cause local bonding distortions, resulting in atomic
peening. The knock-on damage caused by the impingement of these energetic
particles forces atoms to move from their initial configurations to energetically
unfavorable positions. Deposition at elevated Ts, coupled with the excess kinetic
energy of the incident atoms, promotes diffusion. The knock-on damage may
be eliminated through this enhanced diffusion as the displaced atoms migrate to
neighboring sites and adopt a more energetically favorable configuration. This
process is analogous to the cold working and annealing processes used to treat
metals. Collisions with the film surface and underlying layers induce the creation
of defects, which serve as a driving force for structural reorganization, similar to
the dislocations generated in cold working of metals. When heat treated, a more
organized structure with reduced defect density is formed.

With heavier working gas, we saw a higher atomic density (Fig. 5.1) and a re-
duction in structural disorder, measured by ∆θ (Fig. 5.2). The improvement in
structural order is expected from a higher E ′′

k,Si with increasing atomic weight
of working gas, but the plateauing of ∆θ in Kr- and Xe-deposited a-Si, as well
as the plateauing of ρat in Xe-deposited samples at 0.5 and 1.5 mTorr suggest
that there is an interplay between atomic peening-induced damage and structural
relaxation. As the incident energy continues to increase, only part of the damage
undergoes recovery through diffusion, subject to the competition between the rate
of defect creation by incoming atoms (deposition rate) and the diffusion rate at a
given Ts. In addition, elimination of sub-surface defects, such as divacancies and
self-interstitials, created via atomic impingement is very difficult, as it requires
either diffusion to the film surface or occupation of nearby vacant atomic sites.
The incomplete recovery of the structure is also evident in the higher local strain
observed in Si–Si bonds when Xe is employed as the sputtering gas (Fig. 5.2).
This explains why further increasing E ′′

k,Si by manipulating the deposition param-
eters has a marginal effect on the structural improvement and film densification
in MS a-Si.

The low-temperature mechanical loss experienced a noticeable improvement from
Ar to Kr (big change in E ′′

k,Si from Ar to Kr at 1.5 mTorr), but remains un-
changed from Kr to Xe (much smaller change in E ′′

k,Si from Kr to Xe) (Fig. 5.4).
As previously discussed, the TLS density in a-Si, which is directly proportional
to Q−1

0 (Eq. 2.2.6), is associated with various defects within the network, in-
cluding nanovoids [62,63,78,89], divacancies and self-interstitials (Sec. 4.4). The
observed decrease in Q−1

0 when transitioning from Ar to Kr is consistent with
the denser packing and reduced defect density, as reflected in a smaller ∆θ in the
film when using heavier sputtering gases. However, when changing from Kr to
Xe, similar Q−1

0 was found in the 1.5 mTorr samples, which might be explained
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by the partial recovery of the damage generated during growth. Nonetheless, a
significant reduction of over 50% in the low-T loss was found in the Xe 0.5 mTorr
sample, compared to the Xe 1.5 mTorr sample. This differs from that seen in
MS 360 ◦C, Ar 1.5 and 4.0 mTorr a-Si, where no significant improvement in Q−1

0

was observed (Fig. 4.6). The absolute value of the difference in kinetic energy of
the sputtered Si atoms between Xe pressures of 0.5 and 1.5 mTorr is more than
10 times greater than that between Ar pressures of 1.5 and 4.0 mTorr, as shown
in Table 3.1. It is likely that the higher E ′′

k,Si with Xe at 0.5 mTorr is sufficient
to significantly reduce the density of open-volume defects in the deposited film,
ultimately suppressing TLS formation and thus the mechanical loss at low tem-
peratures.

Despite the MS 360 ◦C, Xe 0.5 mTorr sample showing the lowest Q−1
0 among

sputtered a-Si, its loss is still approximately four times higher than that of e-beam
400 ◦C-deposited a-Si [77]. This significant difference in loss can potentially be
attributed to the deposition processes. Sputtering, being a more energetic deposi-
tion method, can introduce defects beneath the film surface that may require bulk
diffusion for their elimination. In electron-beam evaporation, the adatoms remain
on the surface, and high growth temperature allows for fast surface diffusion of
these adatoms, which leads to the formation of a near-full-density structure with
a low defect density and as a result, a low TLS density and Q−1

0 .

Different from what was seen in the low-T loss, the room-temperature mechanical
loss exhibited a slight reduction with increasing atomic weight of the sputtering
gas, while no change was observed when reducing the Xe pressure from 1.5 to 0.5
mTorr (Fig. 5.5). In Chapter 4, it has been proposed that the RT loss mecha-
nism in a-Si is associated with thermal activation over an energy barrier, which is
influenced by bond stiffness and atomic movement flexibility within the network.
This also provides an explanation for the RT loss of the samples studied here,
where lower Q−1

RT values are found in samples with higher shear modulus, except
for the Kr-deposited sample (Table 5.1).

The competition between defect creation and removal rates, however, appears
to result in a plateau in Q−1

RT when the kinetic energy of incident Si atoms is
increased with heavier working gas (Kr to Xe), and lower gas pressure (Xe 1.5
to 0.5 mTorr). This is consistent with the trends found in ρat (Fig. 5.1) and ∆θ
(Fig. 5.2). The improvement in RT loss brought by structural rearrangement is
offset by the generation of more defects and the formation of weak bonds in their
vicinity due to incoming atom impingement. One sign is the high local bond
strain observed in the Xe-deposited samples, which indicates the incomplete re-
moval of defects and the resulted strain in surrounding bonds. As a consequence,
the RT loss reaches a limit with higher E ′′

k,Si.
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This limitation is further demonstrated by the comparable levels of the lowest
Q−1

RT achieved in both MS and IBS a-Si films. In IBS, the sputtered Si atoms gen-
erally have higher kinetic energy at the substrate than in MS, due to higher ion
beam energy and much lower gas pressure in the chamber. However, despite this
difference, both IBS and MS a-Si films exhibit similar Q−1

RT values, approximately
9× 10−5 (Table 5.2). These results highlight the limitation of increasing incident
atom kinetic energy in sputtering techniques for lowering the RT mechanical loss.

5.5 Summary

This chapter presented the results of depositing magnetron sputtered a-Si using
different working gases and discussed their influence on the structural and me-
chanical properties of MS a-Si. The objective of using different gases is to explore
a wider range of kinetic energy for the sputtered Si atoms. We found that when
heavier working gas was used, there was densification in the a-Si films and an
improvement in structural order, attributed to the atomic peening effect result-
ing from higher incident atom kinetic energy. However, a limit was observed.
The mechanical loss at room temperature decreases as the atomic weight of the
working gas increases at the same pressure of 1.5 mTorr, but eventually reaches
a plateau, consistent with the trend observed in ∆θ. These findings confirm the
previously discussed mechanisms for RT mechanical loss in Chapter 4, where
suppressing energy dissipation at RT requires a densely packed structure with a
rigid bonding network.

Reducing the Xe pressure from 1.5 to 0.5 mTorr had almost no impact on Q−1
RT

but unexpectedly caused a noticeable decrease in Q−1
0 . The Xe 0.5 mTorr sam-

ple exhibited the lowest plateau loss of 8.0 × 10−6 reported for sputtered a-Si.
Higher kinetic energy, whether achieved through a higher atomic mass working
gas or lower working gas pressure, is beneficial and shows no indication of an
upper limit for this effect. This conclusion has significant implications for future
research on a-Si using other PVD techniques, particularly ion-beam sputtering.
In IBS, gas ions are directed toward the target, and they are largely distinct
from the trajectory of the sputtered atoms, resulting in higher kinetic energy
overall. By carefully selecting the appropriate working gas, such as Ne or Ar, to
maximize momentum transfer from gas ions to Si atoms, and utilizing high accel-
erating voltages in conjunction with high-T deposition, it is possible to enhance
the cryogenic temperature loss performance of a-Si even further.
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CHAPTER 6
IMPROVING THE PROPERTIES OF

AMORPHOUS Si VIA
HYDROGENATION

6.1 Introduction

Hydrogenated amorphous silicon (a-Si:H) has been intensively studied for appli-
cations in optoelectronic, photonic and photovoltaic devices [125–127]. Hydrogen
is crucial for suppressing carrier recombination and improving Si device perfor-
mance. Two methodologies of hydrogenation of a-Si films have been explored in
the past: in-situ hydrogenation (in-situ H), which incorporates hydrogen during
film growth, and post-hydrogenation (post-H), which is a post-growth treatment
that allows the diffusion or implantation of hydrogen atoms into the prepared
a-Si films. For a-Si:H deposited by plasma-enhanced chemical vapor deposi-
tion (PECVD) and hot-wire chemical vapor deposition (HWCVD), manipula-
tion of deposition parameters like pressure, substrate temperature, precursor gas
silane/H2 ratio etc., enables the fabrication of films with desired hydrogen content
and properties [128–130]. In addition, hydrogen can be introduced after growth,
via hydrogen plasma treatment [131], or annealing in forming gas (N2/5% H2).
PVD a-Si:H films have also demonstrated improved physical properties, includ-
ing band gap and minority carrier lifetime [132,133], refractive index and optical
absorption spectrum [82,132,134].

Hydrogen exists in various forms within a-Si films. In HWCVD a-Si:H, nuclear
magnetic resonance spectroscopy revealed that the local hydrogen environment
comprises primarily bonded Si–H and secondarily molecular hydrogen (H2), found
in both clustered and isolated states [135]. In RF sputtered a-Si:H films, Touir
et al. identified isolated Si–H, responsible for the absorption band at 2004 cm−1

(4990 nm) in infrared absorption, and Si–H2 groups, absorbing around 2086 cm−1

(4794 nm) [136]. They found that the Si–H2 groups are located within voids
present in the amorphous network. Annealing at elevated temperatures causes
the hydrogen to redistribute (at approximately 100−200 ◦C [130]) and may in-
duce irreversible changes (at around 250 ◦C) and lead to H2 formation [137].
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It is widely believed that H passivation of dangling bonds is responsible for im-
proved physical properties of a-Si:H [138]. In addition to DB passivation, simu-
lation work has shown that hydrogen induces structural reorganization in a-Si by
lowering the energy barrier for the relaxation process [83–85]. It was proposed
by Sriraman et al. that H insertion into strained Si–Si bonds leads to chemical
annealing of a-Si, and removes these strained bonds through local atomic move-
ments [83,85]. The hydrogen atom either remains bonded to one of the Si atoms,
or leaves and diffuses through the network afterwards [84].

As discussed in Sec. 2.4, a-Si has demonstrated its potential as a high-index re-
flective layer in dielectric mirror coatings used in interferometric GW detectors.
This is attributed to its high refractive index [91,96], as well as its low mechanical
loss at cryogenic temperatures [77] and room temperature (Ref. 90, Chapter 4
and 5). However, a-Si has a significantly higher optical absorption than the cur-
rent high-index layer, a-Ti:Ta2O5, particularly at the operating wavelength 1064
nm. A multimaterial design proposed by Steinlechner et al. [97] strategically
places highly absorbing a-Si layers deeper within the coating stack, which miti-
gates the absorption problem and would reduce the overall mechanical loss of the
stack since a-Ti:Ta2O5 has much higher mechanical loss.

Molina-Ruiz et al. has demonstrated that post-hydrogenation of e-beam a-Si
grown at room temperature reduces the absorption at 2000 nm to below 10 ppm,
which is a significant step towards meeting the ppm-level requirement for GW
applications that use this longer wavelength (e.g. LIGO Voyager and Einstein
Telescope, and other potential cryogenic detectors) [95]. However, the sample de-
posited at 425 ◦C, the one that shows the lowest low-T mechanical loss, exhibited
only minimal change in absorption after post-H. The RT mechanical loss demon-
strated limited improvement in both e-beam RT- and 425 ◦C-deposited samples
after post-H, irrespective of the deposition temperature. This suggests that pho-
ton absorption, especially sub-band gap absorption at the relevant infrared wave-
lengths for GW detectors, which involves Urbach tail and defect-created mid-gap
states (as discussed in Sec. 1.3.1), and mechanical energy dissipation arising from
material anelasticity, are related to distinct mechanisms and structural features
in a-Si:H, warranting further investigation.

This chapter reports on a-Si:H films prepared using magnetron sputtering and
hydrogenated during and/or after deposition. The optical absorption of MS a-
Si:H was investigated at three infrared wavelengths: 1064 nm, which is utilized
in the current LIGO detectors, and 1550 nm and 2000 nm, proposed for use in
the next-generation cryogenic GW detectors, in order to reduce the absorption in
the c-Si mirror substrate. Their RT mechanical loss was also investigated. Our
results show that passivation of dangling bonds does not have significant contri-
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bution towards the observed improvement in optical and mechanical properties
in a-Si:H. Instead, we propose that the presence of hydrogen, acting as a catalyst,
facilitates local rearrangement of atoms and removes strained Si–Si bonds that
are responsible for sub-band gap absorption and dissipative mechanisms.

6.2 Experimental details

a-Si and a-Si:H films were prepared with pure Ar, and Ar/10% H2 mixture gas
respectively. For in-situ hydrogenation, pure Ar was introduced from the cham-
ber’s bottom, while the Ar/H2 gas mixture flowed through the injection holes
positioned above the substrate plate. To achieve 5% and 10% H2 in the working
gas, we individually adjusted the flow rates of pure Ar and Ar/H2 gas to 5 and
5 sccm, and 0 and 10 sccm, respectively. The combined flow rate was kept at
10 sccm, and the gas pressure was maintained at 1.5 mTorr (Sec. 3.1). The base
pressure was around 1−2× 10−8 Torr after the usage of liquid nitrogen trap, and
Ts was RT and 360 ◦C.

Post-growth treatments included vacuum annealing and annealing in forming
gas, known as post-hydrogenation. Vacuum annealing was performed in a high-
vacuum chamber of base pressure of ∼3× 10−8 Torr at 360 ◦C for 3 hours. Post-
H was performed in a standard horizontal resistance furnace using high purity
N2/5% H2 at 400 ◦C for 3 hours, with a flow rate of 20 mL/min. A comparison
of annealing atmospheres (vacuum and air, both commonly used in LIGO mirror
coating treatments) is provided in Appendix B.

6.3 Results

6.3.1 Hydrogen content

Hydrogen content and depth profiles obtained from RBS+ERDA experiments
are presented in Fig. 6.1, 6.2 and 6.3. By comparing the in-situ hydrogenated
samples, and Ar-deposited samples with post-hydrogenation, it is obvious that
the in-situ H is more effective than post-H in introducing hydrogen into a-Si,
and the highest amount of H is observed in the RT-deposited, Ar/10% H2 in-situ
H film (0.40 at.%). Moreover, a higher degree of inhomogeneity is seen in the
depth profile of the post-hydrogenated samples. The non-uniform distribution of
hydrogen in post-H films may be attributed to the fact that hydrogen diffusion
initiates from the surface, leading to a higher concentration of hydrogen at the
front surface compared to the end of the film. The presence of two peaks in
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the depth profile may be a consequence of hydrogen becoming trapped at the
electronic states that form at the surface of the a-Si film and at the interface
between the film and the substrate, caused by dangling bonds from the disrupted
structure.

The amount of hydrogen incorporated in MS a-Si:H films is much lower than that
in other studies on in-situ H, including RF sputtered a-Si:H (0.5−16 at.%) [139],
HWCVD and PECVD a-Si:H (∼10 at.% or more) [140], and post-H a-Si:H, such
as RF sputtered a-Si:H films (up to ∼8 at.%) [133] and e-beam a-Si:H films (max-
imum 1.45 at.%) [95]. There are two possible explanations: 1) the hydrogen was
introduced into the MS films in molecular form rather than as atomic H in CVD
techniques and hydrogen plasma treatment, and 2) the structure of MS a-Si has
been found to be very compact when grown at low gas pressure (1.5 mTorr), as
discussed in Sec. 4.3.1, and such a dense film structure might impede H incorpo-
ration both for in-situ H and post-H.

We further investigated the impact of vacuum annealing on hydrogen content.
The hydrogen incorporated during in-situ H remains in the film after annealing
at 360 ◦C, for up to 6 hours in high vacuum, as shown in Fig. 6.4. Previously,
Molina-Ruiz et al. reported that in HWCVD a-Si:H, the hydrogen content does
not reduce when annealing the samples at 200 ◦C [93]. Our results indicate that
high-temperature treatments, up to 360 ◦C, can be conducted on MS a-Si:H with-
out significant hydrogen loss. It was also found that the hydrogen content in the
MS in-situ H films after post-H remains almost unchanged within the margin of
error (∼0.02 at.%).

6.3.2 Dangling bond density

As mentioned before in Sec. 4.3.3, MS a-Si films contain a much higher dan-
gling bond density (∼1019 spins·cm−3) than typical device-quality a-Si (∼1016

spins·cm−3) [129], and also e-beam a-Si (∼1018 spins·cm−3) [95]. Hydrogenation
is expected to lower ρDB due to H passivation of DB. However, inconsistent be-
havior of ρDB with H content was observed in in-situ H (using Ar/5% H2) and
post-H MS a-Si:H, as illustrated in Fig. 6.5. The unhydrogenated a-Si samples
grown at RT and 360 ◦C, as well as the in-situ H sample grown at RT, exhibit
similar ρDB. In contrast, the 360 ◦C in-situ H sample shows a significantly lower
ρDB (1.8×1018 spins·cm−3) despite having a lower H content than the RT-grown
in situ-H sample (0.09 vs 0.26 at.% H, see Fig. 6.1).

After vacuum annealing, the hydrogenated sample (RT, Ar+H2 in Fig. 6.5) ex-
hibits a significant reduction of over one order of magnitude in ρDB, while the
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Figure 6.1: The simulated ERDA spectra of MS in-situ H a-Si:H films grown at RT

and 360 ◦C with Ar/5% H2. The thin lines show the smoothed experimental data.

The lower the energy of scattered particles, the deeper in the sample the signal was

obtained.

Figure 6.2: The simulated ERDA spectra of MS in-situ H a-Si:H films grown at RT

and 360 ◦C with Ar/10% H2.
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Figure 6.3: The simulated RBS spectra of MS post-H a-Si:H films grown at RT and 360
◦C that initially contained no hydrogen in as-deposited state. Hydrogen was introduced

only during post-hydrogenation.

Figure 6.4: Hydrogen content of MS in-situ H a-Si:H samples, as-deposited and after

vacuum annealing for 3 and 6 hours.

71



Figure 6.5: Dangling bond density of MS a-Si deposited using pure Ar (Ar only), and

a-Si:H deposited using Ar/5% H2 (Ar+H2) in their as-deposited, annealed and post-H

forms.

ρDB of the other three samples barely changed. Post-H effectively reduced the
ρDB of the unhydrogenated samples to approximately one fourth of their initial
ρDB value. The extent of reduction in ρDB of in-situ H samples with post-H
strongly depends on the growth temperature; after post-H, ρDB of the RT-grown
in-situ H sample is lower than the 360 ◦C-grown in-situ H sample, despite its
initial much higher value, and reaches an even lower level (2.5× 1017 spins·cm−3)
than the post-H RT e-beam sample (8 × 1017 spins·cm−3) [95].

Overall, three effective means to remove dangling bonds were identified: 1) RT
in-situ H followed by vacuum annealing, 2) in-situ H prepared at high Ts, and
3) post-H, with the lowest ρDB found for RT in-situ H annealed and post-H pro-
cessed sample. This indicates that effective termination of dangling bonds by
hydrogen is contingent upon the provision of thermal energy.

6.3.3 Bond angle deviation and local bond strain

Figure 6.6 shows bond angle deviation of a-Si:H films grown under different at-
mospheres and substrate temperatures. For films grown with pure Ar (0% H2 in
Fig. 6.6), ∆θ is reduced with increased Ts, as previously discussed in Chapter 4.
Additionally, ∆θ is further reduced by both vacuum annealing and post-H treat-
ment for RT-deposited and 360 ◦C-deposited samples, which is consistent with
the findings in e-beam a-Si:H [95]. In the in-situ H films, ∆θ is initially low in
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as-deposited films, and shows no significant improvement with a higher H2 ratio
in the working gas, or with annealing or post-H treatment. This observation
holds true for both sets of samples deposited with 5% and 10% H2 mixed with
Ar, both at RT and 360 ◦C. Overall, after vacuum annealing and post-H, the
in-situ H samples deposited at RT shows a slightly lower ∆θ compared to the
sample that was not hydrogenated during growth; for 360 ◦C-deposited films, all
three samples reach similar levels of ∆θ, regardless of their initial states.

Figure 6.6: Bond angle deviation of MS a-Si:H grown at room temperature (left) and

360 ◦C (right) vs percentage of H2 used during deposition.

Local strain analysis of the as-deposited samples revealed that the presence of
in-situ hydrogen induces a higher strain in the Si–Si bonds compared to the un-
hydrogenated a-Si. This strain was not dependent on the hydrogen content in
the a-Si:H films (Fig. 6.7). After annealing and post-H, the initially unhydro-
genated samples (0% H2) show an increase in the local strain compared to their
as-deposited state. On the other hand, the in-situ hydrogenated samples (5%
and 10% H2) experience a decrease in total strain, with a greater reduction ob-
served in the a-Si:H film grown using Ar/5% H2. In general, the 360 ◦C-deposited
samples exhibit a lower tr(ε) than the RT-deposited samples in equivalent states,
consistent with the results from Ar-deposited a-Si presented in Sec. 4.3.2.

6.3.4 Mechanical loss

The mechanical loss at room temperature of MS a-Si and in-situ H a-Si:H films
grown using Ar/5% H2 is compared in different states: as-deposited, vacuum
annealed and post-hydrogenated, as shown in Fig. 6.8. The in-situ H films
consistently exhibit lower Q−1

RT values than the films deposited with pure Ar
in all three states, at the same Ts. Annealing shows a larger improvement in
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Figure 6.7: Local bond strain of MS a-Si:H grown at room temperature (left) and 360
◦C (right) vs the percentage of H2 used during deposition.

the RT-deposited samples compared to the samples deposited at 360 ◦C. Post-
hydrogenation is effective in reducing Q−1

RT of unhydrogenated a-Si films, resulting
in a 41% reduction for the RT-deposited films and a 25% reduction for the 360
◦C-deposited films. Among all the samples, the lowest Q−1

RT value of 2.2 × 10−5

is achieved in the in-situ H 360 ◦C sample after annealing and post-H, which is
approximately 4 times lower than the record loss reported for as-deposited a-Si
grown using Xe at 360 ◦C and 1.5 mTorr (Fig. 5.5), and approximately 9 times
lower than that for e-beam a-Si:H deposited at 425 ◦C, followed by annealing and
post-H [95].

Due to limited availability of DPO substrates, investigation of low-T mechan-
ical loss in MS a-Si:H films was not conducted. However, a similar study on
e-beam a-Si:H films has been performed [95]. Molina-Ruiz et al. showed that
after annealing and post-H, the plateau loss Q−1

0 at 1 K is reduced by a factor
of 2 in RT-deposited samples, and there is no decrease in the very low Q−1

0 at 1
K observed in the 425 ◦C-deposited samples. The loss at 100 K, which is close
to the proposed operating temperature for LIGO Voyager (123 K) [41], becomes
lower after post-H for both the RT- and 425 ◦C-grown e-beam a-Si. Based on
these findings, it is reasonable to infer that the introduction of hydrogen to a-Si
might improve and very likely at least would not worsen the low-T loss, which is
promising news for cryogenic GW detectors.
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Figure 6.8: Room-temperature mechanical loss of MS a-Si:H grown at RT and 360 ◦C

with Ar/5% H2 (Ar+H2) and without H2 (Ar only), measured in as-deposited, annealed

and post-H states.

Deposition conditions
Q−1

RT (×10−5)
as-deposited annealed post-H

RT, Ar only 29.1±0.4 8.5±0.3 5.0±0.2
360 ◦C, Ar only 11.2±0.1 15.3±0.1 11.5±0.1
RT, Ar+H2 19.5±0.1 5.9±0.1 7.5±0.1
360 ◦C, Ar+H2 2.3±0.1 2.7±0.1 2.2±0.1

Table 6.1: Room-temperature mechanical loss of MS a-Si:H deposited with pure Ar

and Ar/5% H2, measured in various conditions.

6.3.5 Optical absorption

Optical absorption of MS a-Si:H at 1064, 1550 and 2000 nm, normalized to a film
thickness of 300 nm, is shown in Fig. 6.9, 6.10, 6.11 and Table 6.2. Comparing the
as-deposited samples, in-situ hydrogenation effectively reduces optical absorption
in a-Si for both Ts. Moreover, increasing the H2 ratio in the working gas leads to
a larger decrease in absorption at all three tested infrared wavelengths. Vacuum
annealing is more efficient in suppressing absorption in the RT-deposited samples
than in those samples grown at elevated Ts, consistent with findings in e-beam
a-Si [95]. Post-H treatment is equally effective in reducing absorption in initially
unhydrogenated and in-situ hydrogenated samples.
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Among all the samples, the RT, in-situ H Ar/10% H2 a-Si:H sample demonstrates
the lowest absorption at all three measured infrared wavelengths, after a 3-hour
vacuum annealing and subsequent 3-hour post-H treatment (Table 6.2). Its per-
formance at 1550 nm (13 ppm) surpasses that of the e-beam RT-deposited a-Si:H
sample after vacuum annealing and post-H treatment, which has an absorption
of 360 ppm, but shows slightly higher absorption at 2000 nm (32 ppm) compared
to that e-beam sample, which has an absorption of less than 10 ppm. The e-beam
a-Si:H study observed that post-hydrogenation of as-deposited samples achieved
the same optical absorption as those annealed and then post-hydrogenated, sug-
gesting the possibility of skipping the vacuum annealing step and simplifying the
post-growth treatment process [95].

We observed an interesting phenomenon in the two in-situ H samples with Ar/10%
H2: their absorption at 1550 nm can be lower than that at 2000 nm. This obser-
vation contradicts the expected behavior in the Urbach tail model, where optical
absorption should exponentially decrease with lower photon energy (Eq. 1.3.2).
Notably, this phenomenon is only observed when the absorption level in the two
MS a-Si:H samples becomes quite low, reaching around 100 ppm. We have ruled
out substrate absorption or limitations of the PCI technique used to measure
the absorption, confirmed by our collaborators at Stanford, and therefore this
difference is likely attributed to our films themselves. Potential mechanisms will
be discussed in more detail in Sec. 6.4.

Additional vacuum annealing of RT, Ar- and Ar/5% H2-deposited films that
have undergone post-hydrogenation resulted in a decrease in absorption only at
1064 nm, while the absorption at 1550 nm and 2000 nm remained unchanged.
The RT, in-situ H Ar/5% H2 a-Si:H sample, after a total of 27 hours of vacuum
annealing and 3 hours of post-H, achieved a lower absorption at 1064 nm with a
value of 1562 ppm, compared to 2604 ppm after 3 hours of annealing and 3 hours
of post-H for a 300 nm-thick layer.
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Figure 6.9: Optical absorption of MS a-Si:H films at laser wavelength of 1064 nm in

as-deposited, annealed and post-H conditions, normalized to a film thickness of 300

nm. Samples were deposited at two substrate temperatures, RT and 360 ◦C, and using

three types of working gas, pure Ar, Ar/5% H2 and Ar/10% H2.
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Figure 6.10: Optical absorption of MS a-Si:H films at laser wavelength of 1550 nm in

as-deposited, annealed and post-H conditions, normalized to a film thickness of 300

nm. Samples were deposited at two substrate temperatures, RT and 360 ◦C, and using

three types of working gas, pure Ar, Ar/5% H2 and Ar/10% H2.
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Figure 6.11: Optical absorption of MS a-Si:H films at laser wavelength of 2000 nm in

as-deposited, annealed and post-H conditions, normalized to a film thickness of 300

nm. Samples were deposited at two substrate temperatures, RT and 360 ◦C, and using

three types of working gas, pure Ar, Ar/5% H2 and Ar/10% H2.
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6.4 Discussion

We studied the effects of hydrogenation, namely in-situ hydrogenation and post-
hydrogenation, on the room-temperature mechanical loss and the optical absorp-
tion of a-Si, as well as on the structure, specifically dangling bond density and
bond angle deviation. In terms of the RT mechanical loss, the as-deposited sam-
ples showed that the in-situ hydrogenated films had lower loss compared to the
unhydrogenated films for both Ts studied. The difference was particularly no-
table in the 360 ◦C-grown samples. A fivefold improvement in Q−1

RT for the 360
◦C-deposited film grown with Ar/5% H2 compared to the film deposited with Ar
alone (Table 6.1). This significant improvement cannot be solely attributed to
the small amount of hydrogen (0.09 at.%) incorporated during growth without
any other associated effects or processes leading to the observed enhancement.
Moreover, annealing only reduces the Q−1

RT of the RT-grown samples, but not the
360 ◦C-grown ones. Post-H treatment proved more effective for the unhydro-
genated samples at both Ts. Overall, the annealed and post-hydrogenated 360
◦C, in-situ H Ar/5% H2 sample showed the lowest mechanical loss (2.2 × 10−5),
though being comparable to its as-deposited state (2.3 × 10−5).

The photon energies at 1.16, 0.80 and 0.62 eV correspond to wavelengths of
1064, 1550 and 2000 nm, respectively, which are the three wavelengths of inter-
est. These values are below the typical band gap of a-Si:H, which is reported
to be 1.5−2.0 eV [141, 142], commonly extracted from the Tauc plot of optical
absorption versus photon energy, as detailed in Sec. 1.3.1. The band gap of a-Si
is larger than the indirect band gap of c-Si (1.1 eV). It was found that in-situ
H leads to lower optical absorption compared to unhydrogenated samples in all
states (as-deposited, annealed and post-H) at all three laser wavelengths mea-
sured, as shown in Table 6.2. Increasing the H2 ratio from 5% to 10% in the
working gas leads to reduced absorption at all three wavelengths for all states.
Remarkably, the changes in absorption were particularly pronounced at 1064 nm
and 1550 nm (with over an order of magnitude difference) compared to 2000 nm
(with 3-4 fold difference in RT-deposited samples and less than a twofold differ-
ence in 360 ◦C-deposited samples). This discrepancy may be due to the photon
energy at 1064 and 1550 nm being closer to the band gap size, making it more
susceptible to presence or removal of states contributing towards the Urbach tail
(discussed in Sec. 1.3.1).

The RT in-situ H Ar/10% H2 sample demonstrates the lowest absorption at the
three investigated infrared wavelengths after annealing and post-H treatment. It
achieves ppm-level absorption at 1550 nm (13 ppm) and 2000 nm (32 ppm) for a
300 nm thick film. Notably, the absorption at 1550 nm is lower than previously
reported values for e-beam a-Si:H (360 ppm) [95], IBS a-Si (2227 ppm) [96] and
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RLVIP a-Si (1066 ppm) [91], all normalized to a 300 nm film thickness. Al-
though the absorption at 1064 nm (448 ppm) still exceeds the desired ppm-level
absorption, it represents a significant improvement compared to IBS a-Si (11305
ppm) [96], which opens up possibilities for applying the design of multimaterial
coatings proposed in Ref. 97 to the current GW detectors.

Dangling bonds are known to create trap states within the band gap of Si, which
can act as recombination centers for charge carriers and affect the electrical prop-
erties of the material. Given the high DB density in MS a-Si:H (most ranging
from 1018−1019 spins·cm−3), one would expect significant sub-band gap absorp-
tion (0.01−0.1%) resulting from localized, mid-gap states associated with these
bonds. However, the MS a-Si:H samples exhibit low levels of infrared absorption,
on the order of tens of parts per million.

The data also show that the changes in ρDB do not account for, or even corre-
late with the observed improvements in optical absorption resulting from in-situ
hydrogenation, high growth temperatures, and vacuum annealing. For instance,
two samples deposited at room temperature, one unhydrogenated and the other
in-situ hydrogenated with 5% H2, exhibit the same ρDB but demonstrate dif-
ferent levels of absorption at 1550 nm and 2000 nm. Specifically, the in-situ
H sample shows an absorption that is approximately 5 times lower at 1550 nm
and approximately 10 times lower at 2000 nm compared to the unhydrogenated
sample. Another example is the comparison between two unhydrogenated films
grown at RT and 360 ◦C after vacuum annealing, which show nearly identical DB
density (Fig. 6.5). Nevertheless, even in the absence of hydrogen to bond with
unpaired electrons, their optical absorption decreases at both measured wave-
lengths. Moreover, despite their comparable ρDB values after post-H, these films
exhibit notably different absorption levels at all three measured infrared wave-
lengths, especially at 1064 nm. These observations align with the findings of
Seager et al. [143], who reported a reduction in sub-band gap (0.5−1.0 eV) op-
tical absorption without any measurable changes in ρDB. These results suggest
that dangling bonds are not the primary source of infrared wavelength photon
absorption in a-Si and instead that the a-Si structure more broadly is crucial.

In Sec. 4.3, it was shown that there is lack of correlation between dangling bond
density and RT mechanical loss of MS a-Si. We also observed no relationship
between these two properties in MS a-Si:H; the three samples that exhibited the
same ρDB in their as-deposited state, RT and 360 ◦C Ar-deposited a-Si, and RT
in-situ H a-Si:H, showed very different Q−1

RT , with a difference up to 2.6 times
(Fig. 6.8 and Table 6.1). Additionally, our findings suggest that the passivation
of dangling bonds in a-Si:H requires both the presence of hydrogen and the supply
of heat. However, a lower Q−1

RT can be achieved by either of these factors alone,
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as seen in Fig. 6.8. This confirms that the loss mechanism at RT is not related
to dangling bonds.

Turning now to other aspects of the structure of a-Si:H, specifically the bond
angle deviation, ∆θ, we showed that the introduction of hydrogen (in-situ H),
the application of heat (high Ts, vacuum annealing), or a combination of both
(post-H) leads to a decrease in bond angle deviation, as depicted in Fig. 6.6.
Notably, vacuum annealing and post-H cause a significant reduction in ∆θ in the
initially unhydrogenated samples, bringing their ∆θ down to a similar level as
that of the in-situ H samples. Molecular dynamics simulations by Sriraman et
al. proposed mechanisms through which hydrogen can insert into strained Si–Si
bonds, facilitating bond breakage and formation and promoting a transition to
a more energetically stable configuration [83, 85]. The similar ∆θ observed in
Ar/5% H2 and Ar/10% H2 in-situ H films, despite their quite different hydrogen
content, implies that the effectiveness of hydrogenation in promoting structural
relaxation is not associated with the amount of hydrogen remaining in the film.
This suggests that hydrogen acts as a catalyst, lowering the energy barrier for
atomic rearrangement. It diffuses to other sites and initiates the process again
after leaving the affected bond. Consequently, the resulting structure exhibits a
higher degree of order compared to unhydrogenated a-Si. The absence of further
improvement with subsequent processing steps (annealing and post-H) suggests
that the structural ordering of MS a-Si:H films may have reached a limit.

In Chapter 4 and 5 we discussed how Q−1
RT is related to the network rigidity,

which can be viewed from two aspects, the resistance of the bonds to movement,
described by the bond stiffness, and the flexibility of individual atom movement,
subject to its adjacent environment. The RT dissipation mechanism is found to
be reduced by a more ordered film structure and a rigid Si–Si bonding network,
reflected by a lower bond angle deviation and higher shear modulus. As seen in
Fig. 6.6, ∆θ of as-deposited in-situ H samples is much lower than those deposited
without H2, which accounts for their lower Q−1

RT . However, subsequent post-H
introduces a much smaller improvement in ∆θ of in-situ H a-Si:H than those Ar-
deposited films. This observation correlates well with the changes seen in Q−1

RT :
the Ar-deposited a-Si experienced a decrease in Q−1

RT after post-H, whereas Q−1
RT

of the in-situ H samples is not improved with post-H. These observations are true
for both growth temperatures studied in this work.

This hydrogen-induced structural ordering is found to play a crucial role in sup-
pressing sub-band gap absorption as well. Growing the samples with hydrogen
(comparing in-situ H samples to unhydrogenated samples) and performing vac-
uum annealing (specifically in RT-deposited samples) result in lower absorption
at infrared wavelengths. These changes in absorption are correlated with varia-
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tions in ∆θ. Interestingly, post-H treatment proves equally effective in reducing
optical absorption at all three studied wavelengths in films deposited at the same
Ts, regardless of their initial hydrogen content. This suggests that exposure to
a hydrogen-rich environment at high temperature assists the gradual removal of
band-tail states near the band edge over time, even without a significant improve-
ment in structural order (measured by ∆θ). Therefore, it is clear that defects that
are distinct from dangling bonds, which show no correlation with optical absorp-
tion at infrared wavelengths, and not directly reflected in ∆θ, create electronic
states that contribute to the Urbach tail and the associated photon absorption
in a-Si:H. We propose that these defects are likely charged point defects, similar
to those observed in c-Si, where charged divacancies introduce states near the
valence and conduction band edges, or in the middle of the band gap, depending
on their charge state and the foreign atom trapped in them [144–146].

The higher absorption at 1550 nm compared to 2000 nm in MS RT- and 360
◦C-deposited Ar/10% in-situ H a-Si:H, when the film absorption is at the level
of 100 ppm (Table 6.2), is not explained by the band tail model. In c-Si, exten-
sive studies have shown that dopants and point defects create electronic states,
and carriers are excited from these localized states into the conduction band by
absorbing light [147, 148]. The possibility of impurities in our MS a-Si:H films
being responsible for the excess absorption at the longer wavelength of 2000 nm,
compared to 1550 nm, exists. Obtaining a full optical spectrum in the infrared
and near-visible wavelength range would be helpful to precisely identify these
defects and their specific contributions to the optical absorption of a-Si:H.

6.5 Summary

In summary, the investigation of hydrogenation in magnetron sputtered a-Si films,
both during growth and post-growth, highlighted the significant role of hydro-
gen in enhancing the performance of a-Si:H, specifically in terms of its room-
temperature mechanical loss and optical absorption at infrared wavelengths. The
RT-deposited, in-situ hydrogenated a-Si:H using Ar mixed with 10% H2 exhibits
a very low, ppm-level absorption after annealing and post-hydrogenation at two
critical infrared wavelengths (1550 nm and 2000 nm) of interest in GW detector
designs. This low absorption positions it as a highly promising candidate for
future GW detectors. Its improved absorption at 1064 nm compared to previous
studies also suggests the potential for utilizing multimaterial coating designs in
the upgrade of current GW detectors. Additionally, the 360 ◦C, in-situ H sample
reports the lowest RT mechanical loss found in a-Si and a-Si:H, which is 2.2×10−5.
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Changes in dangling bond density and structural ordering of MS a-Si:H sug-
gest the dual role of hydrogen in a-Si: it not only bonds with dangling bonds
and saturates them, which is effective only at elevated temperatures, but also
facilitates the rearrangement of Si–Si bonds, resulting in a lower deviation in
bond angle. The hydrogen-induced structural relaxation is observed to be inde-
pendent of hydrogen content, implying that the improvement in structural order
of a-Si:H is not achieved through hydrogen permanently bonding to Si atoms.
Instead, hydrogen likely functions as a catalyst in promoting the relaxation and
rearrangement of strained Si–Si bonds, and leaves and diffuses to other sites to
further assist such processes. Nonetheless, prolonged annealing in vacuum or
in a hydrogen-rich environment reaches a point where the structural order im-
provement plateaus, while the infrared absorption continues to improve. These
results indicate that the band-tail states, which may be related to specific struc-
tural features beyond structural ordering, possibly charged point defects, also
contribute to infrared absorption in a-Si:H. Overall, these findings shed light on
the mechanisms underlying photon absorption and energy dissipation in a-Si:H,
and have significant implications for optimizing a-Si:H-based devices in various
applications beyond GW detectors.
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CHAPTER 7
EXPLORING AMORPHOUS SILICON

CARBIDE AS A NEW OPTION

7.1 Introduction

The investigation of amorphous silicon carbide (a-SixC1−x, where x represents the
Si composition) coating is primarily driven by its larger band gap compared to
pure a-Si, which would effectively reduce absorption at infrared wavelengths [149].
In addition, if the dominant bonding type in a-SixC1−x is sp3 bonding with a
tetrahedral coordination, similar to that in diamond structure, we expected that
a-SixC1−x would retain the excellent loss properties observed in a-Si. Moreover,
the advantage of being able to grow a-SixC1−x at significantly higher substrate
temperatures (around 900 ◦C) without forming nanocrystals presents an oppor-
tunity to exploit the benefits of high temperatures in improving the optical and
mechanical properties of a-SixC1−x [150]. This motivates the deposition of a-
SixC1−x at temperatures surpassing what could be achieved in a-Si before crys-
tallization.

Amato previously investigated CVD polycrystalline 3C-SiC as a potential op-
tion for GW detector mirror coatings but found its optical absorption to be too
high [151]. Favaro et al. explored near stoichiometric ion-beam sputtered and
magnetron sputtered a-SixC1−x films with varying silicon content (ranging from
42.5 to 53.5 at.% Si) and observed high absorption at 1064 nm, with only slight
improvement in MS samples after annealing at 500 ◦C [152]. Interestingly, the
RT mechanical loss measured by GeNS showed contrasting trends between IBS
and MS a-SixC1−x; the IBS samples exhibited decreasing loss with resonant fre-
quency, while the MS sample showed increasing loss. However, the reasons for
these differing behaviors were not explained. The overall loss angle of the studied
samples is close to 10−3 at 10 kHz, which is much higher than that of pure a-Si
(Table 4.1 and 5.2) and a-Si:H (Table 6.1). Despite these initial unpromising re-
sults, there remain several unexplored parameters, such as deposition conditions,
Si-rich compositions, and post-growth processing. Therefore, our study aims to
provide a more comprehensive investigation of a-SixC1−x as a high-index layer
material for GW detector mirror coatings.
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In this chapter, results from MS a-SixC1−x films, deposited using Ar and Ar/H2

under various conditions, are presented and discussed. The objective is to develop
a-SixC1−x films with reduced mechanical loss and optical absorption, particularly
at 1064 nm, making them suitable for direct application in upgrading the current
aLIGO detectors.

7.2 Experimental details

Stoichiometric SiC sputtering targets (purity: 99.5%) and undoped Si targets
(purity: 99.999%) were utilized to fabricate a-SixC1−x films with various compo-
sitions, aiming for x ≥ 0.5. The sputtering gas used was Ar or Ar mixed with
H2, with a total gas flow set at 10 sccm. The gas pressure was varied from 1.5 to
4.0 mTorr to investigate its impact and compare it to that on a-Si, as discussed
in Chapter 4. By introducing carbon, SiC is able to maintain its amorphous
state at much higher substrate temperatures compared to Si (approximately 450
◦C for Si) [150]. Therefore, the highest attempted Ts was 660 ◦C, limited by
the maximum heater temperature in our magnetron sputtering system. In-situ
hydrogenation was conducted by sputtering using an Ar gas mixture H2 con-
centrations of 0.5%, 1% and 5%. The growth rate was maintained at around
0.25−0.40 Å/s when sputtering from only the SiC target, and roughly 0.50 Å/s
when co-sputtering from SiC and Si targets.

Interestingly, the MS a-SixC1−x films deposited only from the stoichiometric SiC
target appear semi-transparent to visible light, as shown in Fig. 7.1, contrary
to the pure MS a-Si films which look metallic gray. This suggests that these
MS a-SixC1−x samples have a larger band gap than that of MS a-Si, resulting
in lower absorption at visible wavelengths. The transparency of Ar 1.5 and 4.0
mTorr samples deposited at the same Ts shows no significant difference.

7.3 Results

7.3.1 Bonding environment in a-SixC1−x

We prepared a-SixC1−x samples sputtered from a stoichiometric SiC target, and
they have a composition of 47−47.5 at.% in Si, determined by XPS, referred to as
a-Si47C53. Their bonding information is shown in Fig. 7.2. At higher Ar pressure
(4.0 mTorr), there is a slight preference for the formation of sp3 bonding over
sp2 bonding in C–C interactions. This means that a higher proportion of carbon
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Figure 7.1: Photo of MS a-Si47C53 films grown on fused silica substrates at various

deposition temperatures and Ar pressure.

atoms is bonded with three other carbon atoms, forming a tetrahedral network.
On the other hand, increasing Ts from RT to 360 ◦C promotes the bonding of Si
with C, favoring Si–C bonds (sp3) in the material, further enhancing the tetra-
hedral coordination. The native oxide layer on the surface was removed via Ar+

ion sputtering prior to conducting XPS measurements. The plots presented here
do not include the percentage of bonds to oxygen, as the remaining amount of
oxygen in the film is small (below 3 at.%).

Figure 7.2: Changes in bonding ratios of C (left), and Si (right) with substrate tem-

perature, RT, 360 ◦C and 660 ◦C for MS a-Si47C53. The black line corresponds to

a-Si47C53 grown at Ar 1.5 mTorr, while the red line represents those grown at Ar 4.0

mTorr.
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At an even higher Ts (660 ◦C), it was observed that crystallization did not oc-
cur, as confirmed by no c-Si resonant peak showing in Raman spectrum of this
sample. Increased growth temperature facilitates a stronger and more extensive
formation of chemical bonds between Si and C atoms, resulting in an increased
proportion of Si–C bonding, as demonstrated in Fig. 7.2. Nonetheless, as Ts

increases further from 360 to 660 ◦C, the magnitude of these changes in bonding
composition becomes less noticeable.

We also deposited Si-rich a-SixC1−x by co-sputtering a stoichiometric SiC tar-
get and a Si target at an Ar pressure of 1.5, 2.0 and 4.0 mTorr and RT. The
change in bonding environment is shown in Fig. 7.3 for various ratios of the two
rates, yielding various compositions from x = 0.47 to 0.92. As Si composition
increases, the percentage of Si–Si bonds increases. In addition, the percentage of
C–Si bonds shows an increase with higher Si content. However, it should be no-
ticed that a higher Si composition does not necessarily result in a larger fraction
of sp3 bonding in C–C bonds.

The sample with a Si-rich composition of 89.7 at.% Si and 10.3 at.% C, pre-
pared at room temperature with an Ar pressure of 1.5 mTorr, was selected for
optical measurements to compare with a-Si47C53, and will be referred to as a-
Si90C10 in the following discussion. The bonding composition of this sample is
very similar to that of the one deposited at 2.0 mTorr with a very close com-
position (91.8 at.% Si), which is shown in Fig. 7.3. In a-Si90C10, Si–Si bonds
are dominant, accounting for 87.5% of the Si-related bonds, while C–Si bonds
dominate the C-related bonds. The presence of C–C bonds in both sp2 and sp3

hybridizations is relatively small, comprising only 6.8% and 4.7% of the total,
respectively.

Figure 7.4 illustrates the C–C sp2 to sp3 bonding ratio for various Si compo-
sitions. We previously thought that the increase in Si–C bonding ratio would
promote the formation of C–C sp3 bonds, however there is no dependence of the
C–C sp2/sp3 ratio on the Si composition.

We performed vacuum annealing at 360 ◦C on two Ar 4.0 mTorr a-Si47C53 sam-
ples, one grown at RT, and the other at 360 ◦C, and found that annealing pro-
motes the formation of Si–C bonds at the sacrifice of Si–Si and C–C bonds,
similar to the effect of growing at high Ts. The RT-deposited sample showed
a slight shift towards sp3 bonding in the remaining C–C bonds after annealing
(2.7 in as-deposited state and 1.5 in annealed state), whereas the annealed 360
◦C-deposited sample showed the same sp2/sp3 ratio as its as-deposited form (1.6).

In summary, sp3 bonding (Si–Si, Si–C and C–C sp3) in a-SixC1−x is influenced
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Figure 7.3: Bonding ratios of C (left), and Si (right) of MS a-SixC1−x deposited at RT,

Ar 2.0 and 4.0 mTorr, with varying Si compositions. The bonding ratios of the RT, Ar

1.5 mTorr a-Si90C10 are shown as black symbols in the plots.

Figure 7.4: C–C sp2 to sp3 bonding ratio for various Si compositions. High Ts refers

to the samples deposited at 360 ◦C (open circle) and 660 ◦C (open triangle).

by four factors: Ar pressure, substrate temperature, Si composition and anneal-
ing. Higher Ar pressure during deposition, which reduces the kinetic energy of
the adatoms, slightly increases the proportion of tetrahedrally coordinated sp3

bonds. Increasing substrate temperature promotes bonding between Si and C
atoms, favoring the formation of sp3 bonds. Higher Si composition increases the
likelihood of Si atoms participating in bonding, leading to a greater proportion
of sp3 bonding in a-SixC1−x. However, the factors mentioned above do not ap-
pear to have a significant impact on the preference for the formation of C–C sp2
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bonds in a-SixC1−x, apart from annealing, which slightly promotes sp3 bonding
for the RT-deposited sample. As shown in Fig. 7.4, the lowest sp2/sp3 ratio is
not observed in the sample with the highest Si content, but rather in the one
with 77.7 at.% Si deposited at RT and 2.0 mTorr. The sample deposited at RT
and 4.0 mTorr with a Si content of 58.6 at.% exhibits a similarly low sp2/sp3 ratio.

7.3.2 Mechanical loss

We investigated the mechanical loss at room temperature of both as-deposited
and annealed a-Si47C53 films under different deposition conditions. These condi-
tions included two different Ar pressures (1.5 and 4.0 mTorr) and three substrate
temperatures (RT, 360 ◦C and 660 ◦C). Figure 7.5 presents the results of this
investigation.

The addition of C to Si increased the RT mechanical loss for all growth con-
ditions. Surprisingly, increasing the Ar pressure during deposition did not have
any effect on the loss behavior of the a-Si47C53 films, unlike pure MS a-Si, where
lower Ar pressure reduced the Q−1

RT of the as-deposited a-Si (green dashed line in
Fig. 7.5).

When the substrate temperature was raised, two changes in Q−1
RT were observed

at different Ts. At 360 ◦C, the RT loss was reduced compared to RT growth,
while an unexpected increase in Q−1

RT was found when we continued to increase
Ts from 360 to 660 ◦C. This finding suggests the possibility of a structural evolu-
tion above certain substrate temperature. The structural evolution, not evident
from the bonding information, may contribute to the variations in the Q−1

RT of
a-Si47C53 in different temperature regimes. Further investigation into additional
structural parameters beyond the bonding configuration may be required to com-
prehensively understand the underlying mechanisms driving this phenomenon.

Similar to growing at high Ts (360 ◦C), annealing the RT-deposited samples
at 360 ◦C has a comparable effect on the Q−1

RT of a-Si47C53, as demonstrated in
Fig. 7.5. This consistency aligns with the findings in e-beam a-Si [95] and MS
a-Si (orange dashed line in Fig. 7.5).

Figure 7.6 shows the low-temperature mechanical loss measured by DPOs, from
0.3 to 110 K for a-Si47C53 grown under various conditions, compared to similar
data for pure MS a-Si. It shows that Q−1

0 in a-Si47C53 is significantly higher
compared to a-Si grown under equivalent conditions. Q−1

0 of a-Si47C53 is just
below the lower end of the glassy range, where the plateau loss is in the range
of 10−4. Changing Ar pressure did not have a significant impact on Q−1

0 of a-

91



Figure 7.5: RT mechanical loss of MS a-Si47C53 grown at two Ar 1.5 and 4.0 mTorr,

and RT, 360 ◦C and 660 ◦C, in their as-deposited and annealed states. The two dashed

lines show the Q−1
RT of MS 360 ◦C-grown a-Si in as-deposited (AD) state (green) and

annealed state (orange).

Si47C53. Moreover, Ts has a much smaller influence on Q−1
0 in a-Si47C53 compared

to its impact on that in MS a-Si, which was in turn much less affected by Ts than
e-beam a-Si where orders of magnitude improvement have been found [77].

7.3.3 Optical absorption

The optical absorption of a-Si47C53 films at wavelengths 1064 and 2000 nm, cor-
rected for the interference effect of PCI (Appendix A) and normalized to a thick-
ness of 300 nm, is shown in Table 7.1. The absorption level of all as-deposited
samples is extremely high at these infrared wavelengths, reaching percentage lev-
els, which is much higher than the ppm-level requirement. This high absorption is
likely related to the significant presence of C–C sp2 bonding in these films (rang-
ing from 20 to 40%, as shown in Fig. 7.2), resembling the structure of graphite,
which is a conductor.

There is an improvement in the optical absorption after vacuum annealing, which
is consistent with the drop in C–C bonding, particularly sp2 bonding, and post-
hydrogenation. However, the reduction in absorption is not sufficient to surpass
the absorption level achieved in a-Si films. It was found that regardless of the
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Figure 7.6: Low-temperature mechanical loss of a-Si47C53 grown at two Ar pressures,

1.5 and 4.0 mTorr, and RT and 360 ◦C, in their as-deposited states.

initial deposition conditions, all the studied a-Si47C53 films exhibit similar levels
of absorption after annealing and post-H (Table 7.1). It is also worth noting that
the reduction in absorption with post-growth processing in a-Si47C53 is much
smaller compared to the improvement observed in a-Si:H films, which can be
over one order of magnitude for RT-deposited films at both 1064 and 2000 nm
(Table 6.2).

Deposition conditions
as-deposited vacuum annealed post-hydrogenated

1064 nm 2000 nm 1064 nm 2000 nm 1064 nm 2000 nm
RT Ar 1.5 mTorr 21.26 6.90 11.89 5.69 5.69 0.95
RT Ar 4.0 mTorr 16.66 6.91 15.18 5.36 5.79 0.86
360 ◦C Ar 4.0 mTorr 15.06 5.29 7.67 0.91

Table 7.1: Optical absorption of MS a-Si47C53 films of 300 nm thickness at two infrared

wavelengths in %.
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Attempts were made to increase the Si content in a-SixC1−x to seek improvement
in its infrared absorption by reducing the C–C sp2 bonding fraction. The ab-
sorption characteristics of this sample were compared to those of pure a-Si and
a-Si47C53, and the results are summarized in Table 7.2. Surprisingly, only the
absorption at 1064 nm is reduced with the higher Si percentage compared to a-
Si47C53, while the absorption at 2000 nm remains higher than that of a-Si47C53,
and at all wavelengths, the absorption of a-SixC1−x (x = 0.47 and 0.90) remains
significantly higher compared to that of pure a-Si.

Sample information
Optical absorption (%)

1064 nm 1550 nm 2000 nm
a-Si 3.28 0.47
a-Si47C53 21.26 6.90
a-Si90C10 10.50 10.45 10.94

Table 7.2: Optical absorption of MS pure a-Si, a-Si47C53 and a-Si90C10 grown at RT

and Ar 1.5 mTorr for a 300 nm-thick film, measured in their as-deposited form.

With vacuum annealing and post-hydrogenation, the absorption of the a-Si90C10

sample at 1550 and 2000 nm improved, as indicated in Table 7.3, but not at 1064
nm. However, it remains at the level of ∼1% (104 ppm), making it unsuitable for
application in GW detector mirrors.

Sample state
Optical absorption (%)

1064 nm 1550 nm 2000 nm
as-deposited 10.50 10.45 10.94
vacuum annealed 31.50 4.58 6.91
post-hydrogenated 14.18 1.41 1.84

Table 7.3: Optical absorption of MS a-Si90C10 grown at RT and Ar 1.5 mTorr, measured

in three different states, normalized to thickness of 300 nm.

We also performed in-situ hydrogenation on a-Si47C53 with Ar mixed with 0.5%,
1% and 5% of H2 to compare with the post-H method. Our findings on a-
Si47C53:H revealed that for films deposited at 360 ◦C and 4.0 mTorr, both in-situ
and post-H methods led to reduced absorption at 1064 and 2000 nm, but as
the concentration of H2 approached the level used in post-hydrogenation (5%
H2 in N2), the difference between the two methods becomes less pronounced, as
illustrated in Fig. 7.7. This is different from what has been seen in MS a-Si:H,
where the as-deposited, RT-grown Ar/5% H2 in-situ H sample exhibits higher
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absorption than the annealed and post-H sample initially prepared at RT using
Ar, while in the high T-deposited samples, the as-deposited, 360 ◦C-grown in-situ
H film shows lower absorption at 1550 and 2000 nm compared to the annealed,
post-H sample deposited with pure Ar at 360 ◦C (Table 6.2).

Figure 7.7: Optical absorption of MS in-situ H a-Si47C53 grown at 360◦C and 4.0

mTorr, measured in the as-deposited state at 1064 and 2000 nm. The H2 ratio in the

working gas for in-situ H varies from 0.5% to 5%. The MS RT, 1.5 mTorr a-Si data

from Sec. 6.3.5 is shown as orange (at 1064 nm) and green (at 2000 nm). The MS in-

situ H a-Si:H samples are plotted against the same x-axis (data available only at 2000

nm). The black and red dashed lines represent the absorption at 1064 and 2000 nm

respectively of equivalent samples deposited without in-situ H after post-H treatment.

7.4 Discussion

The bonding environment of a-SixC1−x exhibits variations with different growth
parameters and post-growth processing. Higher Ar pressure slightly favors the
formation of Si–C bonds, and growing at elevated Ts and vacuum annealing both
promote Si–C bond and C–C sp3 formation. Changing the Si content in a-SixC1−x

has a greater influence on the bonding ratios, with a higher Si content promoting
the formation of Si–Si and C–Si bonding, as shown in Fig. 7.3. This represents
a larger proportion of sp3 bonding in the network. However, the ratio of sp2

to sp3 C–C bonding in a-SixC1−x shows no dependence on Si content (Fig. 7.4),
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suggesting that connecting more C to Si has a limited influence on shifting the
overall C–C bonding environment towards a higher proportion of tetrahedral sp3

bonding.

The physical properties of a-SixC1−x, including mechanical loss and optical ab-
sorption, exhibit less sensitivity to deposition conditions than a-Si. The higher
mechanical loss observed in a-Si47C53 at both low temperatures and room tem-
perature can be attributed to the presence of graphite-like C–C sp2 bonds. These
weaker bonds in a-Si47C53 make the material more susceptible to thermal activa-
tion of atomic movement and subsequent energy loss. This explains the higher
Q−1

RT in a-Si47C53 compared to a-Si at equivalent growth temperatures (Fig. 7.5).
The low-T mechanical loss is also influenced by the C–C sp2 bonds and defects
resulting from the disruption of the Si bonding network caused by the addition of
C. Increasing Ts promotes bonding between Si and C atoms, as shown in Fig. 7.3,
which leads to slightly lower Q−1

0 in the 360 ◦C, Ar 4.0 mTorr a-Si47C53 sample
compared to the RT-deposited samples (Fig. 7.6).

Vacuum annealing renders the same Q−1
RT between a-Si47C53 samples deposited

at RT and 360 ◦C, as shown in Fig. 7.5. However, it does not eliminate the
difference in the Q−1

RT between a-Si47C53 and a-Si, indicating that the higher loss
observed in a-Si47C53 compared to a-Si is likely intrinsic to the material itself.

Both the RT-deposited a-Si47C53 and a-Si90C10 samples exhibit significantly higher
absorption at infrared wavelengths compared to pure a-Si, and they show similar
absorption levels at 2000 nm, despite being shown by experiments that adding
C to Si would increase its band gap [149], which is confirmed by the observed
transparency of a-Si47C53 under visible light (Fig. 7.1).

The band gap extracted by the Tauc plot, as reported in Ref. 149, mainly fo-
cuses on the large increase in the absorption coefficient near the Tauc band gap.
However, for the three infrared wavelengths of interest in this work, we are exam-
ining the absorption occurring in the Urbach tail (Fig. 1.5). In fact, the optical
absorption spectrum of all forms of amorphous carbon (a-C) shows a long tail,
as depicted in Fig. 7.8 (a). Robertson discussed a cluster model proposed by
Tagliaferro and coworkers [153–155] that potentially explains the broad absorp-
tion tail observed in a-C [156]. According to this model, the presence of C–C sp2

bonding creates an inhomogeneous disorder within the network. Depending on
the configuration of each sp2 cluster, the band gap of each cluster varies, resulting
in a broad absorption tail observed experimentally, as opposed to the sharp edge
seen in a-Si.

Additionally, PECVD-grown a-SixC1−x:H films have also been reported to ex-
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hibit a broad absorption tail [157], with the breadth of the tail showing small
variation with changes in the Si composition (Fig. 7.8 (b)). This finding further
supports the notion of a similar inhomogeneous disorder in a-SixC1−x, attributed
to the presence of C–C sp2 bonds, as observed in a-C. These results confirm our
initial hypothesis that the presence of C–C sp2 bonds in a-Si47C53 is responsible
for the observed high absorption in the infrared wavelength range.

Figure 7.8: (a) Optical absorption spectra of sputtered a-C, tetrahedral amorphous

carbon (ta-C), and an a-C:H film, compared to the sharper edge of a-Si:H [156]. (b)

Tauc plot of PECVD-grown a-C:H and a-SixC1−x:H films with various compositions

(Si content of 21, 25 and 53 at.% for S1, S3 and S5 in the graph, respectively) [157].

The lines serve as guides for Tauc band gap extraction.

However, the a-Si90C10 sample, despite showing a relatively low ratio of C–C sp2

to sp3 bonds (Fig. 7.4), still exhibits very high absorption compared to MS a-Si
deposited under similar conditions (Table 7.2). This suggests that the presence
of C–C sp2 bonds alone cannot explain the observed phenomenon. One possible
explanation is that there are other localized electronic states contributing to the
absorption in the infrared wavelength range. These states may arise from various
defects, such as vacancies or disordered arrangements of Si and C atoms. Fur-
ther investigation and characterization of the structural and optical properties of
a-SixC1−x films are needed to fully understand the mechanisms behind their high
infrared absorption.

In contrast to a-Si, where hydrogen plays a crucial role in reducing optical absorp-
tion and mechanical loss, related to assisting the relaxation of the structure and
enhancing its order, its impact on a-SixC1−x appears to be small (Fig. 7.7). The
smaller extent of improvement in optical absorption with hydrogenation suggests
that hydrogen is less effective in removing the tail states responsible for photon
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absorption. The structural features in a-SixC1−x that create those sub-band gap
states, such as C–C sp2 bonds and defects caused by disorder, seem to be more
resistant to hydrogen-induced atomic rearrangement. Consequently, the reduc-
tion in optical absorption achieved through hydrogenation in a-SixC1−x is much
less prominent than that in a-Si.

7.5 Summary

This chapter focused on the investigation of magnetron sputtered amorphous sil-
icon carbide coatings. The bonding ratios of MS a-SixC1−x were found to be
somewhat influenced by deposition conditions such as substrate temperature and
Ar pressure. The chemical composition had a greater impact on the bonding
environment, with an increase in Si content favoring Si–C bonds but having a
limited effect on the ratio of sp2 (graphite-like) to sp3 (diamond-like) bonding for
C–C bonds.

The mechanical loss of MS a-Si47C53 was found to be higher than that of a-Si, at
both low temperatures and room temperature; it shows minimal variation with
working gas pressure and exhibits a smaller improvement with higher Ts com-
pared to MS and e-beam a-Si. These findings suggest that the high mechanical
loss of a-Si47C53 is likely intrinsic to the material, resulting from the disruption
of the rigid, tetrahedral bonding network caused by the addition of C to Si.

Regarding optical absorption at infrared wavelengths, slight improvements were
observed with higher Ts but not with changes in Ar pressure. Higher Si content
(90 at.%) results in lower absorption at 1064 nm, while absorption at 2000 nm
remains relatively unchanged compared to a-Si47C53. Overall, a-SixC1−x exhib-
ited higher absorption than a-Si at all three infrared wavelengths studied. We
attributed this to the broad absorption edge associated with C–C sp2 bonds.

In-situ hydrogenation was conducted using different concentrations of hydrogen
gas mixed with argon. A comparison was made with post-hydrogenation, and it
was observed that the difference in optical absorption between the two methods
diminishes as the hydrogen concentration approached the level used in post-H.
Further research efforts are essential to optimize the properties of a-SixC1−x and
enhance its performance to meet the stringent requirements of GW detector mir-
ror coatings. Exploring PVD techniques known for promoting sp3 bonding in
ta-C, such as filtered cathodic vacuum arc [158] and pulsed laser deposition [159],
may offer opportunities to grow a-SixC1−x films with an improved sp3 bonding
ratio. This enhancement in sp3 bonding could potentially lead to lower mechani-
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cal loss at both cryogenic temperatures and room temperature, a sharper optical
absorption edge, and as a result, lower optical absorption at infrared wavelengths.
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CHAPTER 8
CONCLUSIONS AND FUTURE

WORK

8.1 Conclusions

Finding new coating materials, particularly high-refractive-index materials with
low thermal noise, low optical absorption, and low scattering, is crucial for en-
hancing the sensitivity and performance of interferometric gravitational-wave de-
tectors. These materials must possess low mechanical loss to minimize thermal
noise in GW detection. Additionally, achieving low optical absorption in mirror
coatings is important as it minimizes the conversion of light energy into heat.
This is vital for preserving the stability and precision of interferometric mea-
surements, as absorbed energy introduces thermal fluctuations and noise into the
system. The development of novel high-index coating materials with enhanced
mechanical and optical properties, compared to the current material a-Ti:Ta2O5,
holds significant potential for advancing GW detection, enabling more precise
measurements and a deeper understanding of astrophysical phenomena that give
rise to these elusive signals.

This study examined the structural and mechanical properties of amorphous
silicon (a-Si), hydrogenated amorphous silicon (a-Si:H), and amorphous silicon
carbide (a-SiC) films grown using magnetron sputtering, a PVD technique. We
aimed to explore the potential of a-Si as a material for GW detectors, both at
cryogenic temperatures (e.g. LIGO Voyager, KAGRA and Einstein Telescope)
and at room temperature (e.g. LIGO and Virgo). Our objective was to inves-
tigate how various deposition parameters, such as working gas, sputtering pres-
sure, substrate temperature, and post-growth treatments like vacuum annealing
and post-hydrogenation, could improve the relevant properties for GW detectors,
particularly mechanical loss and optical absorption at infrared wavelengths. a-Si
has shown low mechanical loss at cryogenic temperatures, making it promising for
high-index coating layers, as proposed in the LIGO Voyager design. We aimed to
further reduce its loss, ideally at both low temperatures and room temperature.
Moreover, the high infrared absorption of a-Si has limited its use in upgrading
the current LIGO detectors. By studying hydrogenation and carbon addition in
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a-Si, we sought to explore the potential for enabling its use not only in cryogenic
GW detectors with longer operating wavelengths, but also in upgrading existing
GW detectors, possibly through multimaterial coating designs.

The choice of working gas and its pressure significantly impacts the properties of
the deposited films by affecting the kinetic energy of sputtered atoms when they
reach the substrate. Different PVD techniques have different energy levels per
incoming particle, ranging from thermal energies in electron-beam evaporation
(∼10’s of meV per atom) to much higher energies in magnetron sputtering (typ-
ically 100 times higher than e-beam) and even higher energies in ion-beam sput-
tering (up to 1000 times higher than magnetron sputtering). Energetic incoming
atoms lead to compressive macroscopic stress and film densification, known as
the atomic peening effect. The dominant defects transition from nanovoids in
e-beam a-Si to divacancies and self-interstitials in MS a-Si. By selecting ap-
propriate working gases and deposition conditions, such as low gas pressure, it is
possible to suppress the formation of open-volume defects, supported by the over-
density seen in MS RT, Ar 1.5 and 2.0 mTorr a-Si. Additionally, the structural
order of the film is enhanced by growing at low gas pressure and high substrate
temperature, as reflected by a reduction in bond angle deviation compared to the
tetrahedral angle.

Increasing the incident atom kinetic energy, in conjunction with high growth tem-
perature, improves both the low-temperature and room-temperature mechanical
loss. However, there seems to be a limit to the improvement in the RT loss,
while the low-T loss shows potential for further enhancement. Vacuum annealing
has a smaller effect on the structural properties compared to high-T deposition,
as well as on the low-T mechanical loss. However, it appears to reduce the RT
mechanical loss to a similar level as depositing at high substrate temperature.

We propose that defects, such as divacancies and self-interstitials in MS a-Si,
give rise to the formation of tunneling two-level systems, which contribute to the
energy dissipation at cryogenic temperatures. In contrast, the RT mechanical loss
is influenced by the rigidity of the bonding network, which is determined by the
stiffness of bonds and the flexibility of movement of individual atoms, which is
either enabled or suppressed by their proximity to defects and neighboring atoms.

The introduction of hydrogen to a-Si was found to greatly reduce its optical
absorption at infrared wavelengths and RT mechanical loss, with both in-situ
and post-hydrogenation being found effective. We propose that hydrogen serves
a dual role in a-Si:H, acting as a passivating agent for dangling bonds (specifically
enabled by high temperatures) and facilitating the relaxation of the Si bonding
network. The mechanism by which hydrogen promotes structural reorganization
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involves acting as a catalyst, effectively reducing the energy barrier for atomic
rearrangement and facilitating the elimination of strained Si–Si bonds that may
contribute to the creation of electronic states near the band edges. It is worth
noting that the reduction in optical absorption is not solely dependent on hy-
drogen content and structural ordering, which indicates the involvement of other
structural features in the formation of localized states within the band gap.

The incorporation of carbon in MS a-SiC films results in higher mechanical loss
and optical absorption compared to pure a-Si films. This can be attributed to
the presence of graphite-like C–C sp2 bonds, which results in increased energy
dissipation and photon absorption. The observed mechanical loss is inherent to
the material itself and is minimally affected by deposition conditions. The bond-
ing environment in a-SiC is influenced by its composition, with higher silicon
content favoring Si–Si and Si–C bonding. However, despite increased Si content,
there is only a slight improvement in the proportion of tetrahedral sp3 bonding
in C–C bonding. Enhancing the formation of C–C sp3 bonding is crucial to fully
unlock the potential of a-SiC for use in GW detector mirror coatings, as the poor
performance of a-SiC is likely caused by C–C sp2 bonding.

In conclusion, this research provides valuable insights into the underlying mech-
anisms of mechanical loss at low temperatures and room temperature, as well
as optical absorption at infrared wavelengths, in a-Si-related materials. Further-
more, it offers potential solutions for optimizing the performance of a-Si-based
coatings to be utilized in GW detector mirrors. These findings contribute to
the development of improved coating materials with low mechanical loss and
low optical absorption, ultimately enhancing the sensitivity and precision of GW
measurements.

8.2 Future work

The following are some potential directions for future investigations:

• We have shown that increasing the kinetic energy of incident atoms, in
combination with high-T deposition, reduces mechanical loss at low tem-
peratures. Furthermore, we have not observed any plateauing in the value
of Q−1

0 as the kinetic energy of incident atoms increases. Based on these
findings, it is worthwhile to explore the deposition of a-Si using other PVD
techniques that provide more energy to the Si adatoms, such as ion-beam
sputtering, in which the gas ions are directed towards the target and are
mostly separated from the sputtered atoms. By selecting a gas with a sim-
ilar atomic weight to Si and utilizing a high accelerating voltage, it may be
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possible to further improve the Q−1
0 of sputtered a-Si with a higher inci-

dent atom kinetic energy, potentially approaching the values achieved with
e-beam a-Si grown at high substrate temperature.

• The study on MS a-Si:H has demonstrated the effectiveness of hydrogena-
tion of Si, both in-situ and post-hydrogenation, on improving both its me-
chanical and optical properties. Future studies may attempt a higher H2

ratio in the working gas to seek a larger reduction in both low-T and RT me-
chanical loss and infrared absorption. In addition, since post-hydrogenation
serves the same purpose as vacuum annealing, which is to induce structural
relaxation, the annealing step of a-Si:H might be skipped or replaced by
longer hours of post-H. This requires further investigation.

• In the design of GW mirror coating stacks, it is important to consider the
treatment of high-index and low-index layers together after growth. The im-
pact of post-growth treatments, such as annealing and post-hydrogenation,
which are effective on the high-index a-Si layers, should not be neglected
for the low-index layers. Therefore, it is essential to understand their effects
on the low-index layers, for example the currently used a-SiO2, to properly
evaluate the overall performance of the coating stack and make sure that
the final coating meets the necessary requirements.

• This work primarily focused on investigating the optical absorption of a-
Si:H. However, it is important to note that the refractive index of the coat-
ings is also a crucial parameter in mirror coating design. A higher refractive
index in the coating layers allows for thinner layers to achieve the same re-
flectivity, reducing the contribution of thermal noise from the coating stack,
as thermal noise is proportional to film thickness. Therefore, valuable in-
formation on the refractive index of the samples could be obtained through
ellipsometry measurements in the infrared wavelength range. It would also
be useful to obtain a full optical spectrum over the infrared wavelengths
and the near-visible light range (showing the rapid increase in absorption
coefficient), which may reveal any absorption peaks related to defects in
a-Si:H beyond the Urbach tail. Moreover, conducting optical absorption
measurements at low temperatures would also shed light on the absorp-
tion mechanisms responsible for infrared wavelengths in a-Si:H, and offer
essential data for cryogenic GW detectors like LIGO Voyager. In summary,
conducting these experiments would provide a comprehensive understand-
ing of the optical properties of a-Si:H.

103



BIBLIOGRAPHY

[1] A. Einstein. Die grundlage der allgemeinen relativitätstheorie. Annalen der
Physik, 354(7):769–822, 1916.

[2] Peter R Saulson. Fundamentals of Interferometric Gravitational Wave De-
tectors. WORLD SCIENTIFIC, 1994.

[3] Kazuaki Kuroda, Wei-Tou Ni, and Wei-Ping Pan. Gravitational waves:
Classification, methods of detection, sensitivities and sources. International
Journal of Modern Physics D, 24(14):1530031, 2015.

[4] J. Weber. Detection and generation of gravitational waves. Phys. Rev.,
117:306–313, Jan 1960.

[5] Richard L. Garwin and James L. Levine. Single gravity-wave detector
results contrasted with previous coincidence detections. Phys. Rev. Lett.,
31:176–180, Jul 1973.

[6] J. H. Taylor, L. A. Fowler, and P. M. McCulloch. Measurements of
general relativistic effects in the binary pulsar PSR1913+16. Nature,
277(5696):437–440, 1979.

[7] J. Weisberg and J. Taylor. The Relativistic Binary Pulsar B1913+16:
Thirty Years of Observations and Analysis. 08 2004.

[8] R A Hulse and J H Taylor. Discovery of a pulsar in a binary system.
Astrophys. J., Lett., v. 195, no. 2, pp. L51-L53.

[9] J. H. Taylor, R. A. Hulse, L. A. Fowler, G. E. Gullahorn, and J. M. Rankin.
Further observations of the binary pulsar PSR 1913+16. , 206:L53–L58,
May 1976.

[10] J. H. Taylor and J. M. Weisberg. A new test of general relativity - Grav-
itational radiation and the binary pulsar PSR 1913+16. , 253:908–920,
February 1982.

[11] J Aasi et al. Advanced LIGO. Classical and Quantum Gravity,
32(7):074001, 4 2015.

104



[12] F. Acernese et al. Advanced Virgo: a second-generation interferometric
gravitational wave detector. Classical and Quantum Gravity, 32(2):024001,
1 2015.

[13] H Grote and (for the LIGO Scientific Collaboration). The GEO 600 status.
Classical and Quantum Gravity, 27(8):084003, apr 2010.

[14] T. Akutsu, M. Ando, K. Arai, Y. Arai, S. Araki, A. Araya, N. Aritomi,
H. Asada, Y. Aso, S. Atsuta, and et al. Kagra: 2.5 generation interfero-
metric gravitational wave detector. Nature Astronomy, 3(1):35–40, 2019.

[15] Stuart Reid and Iain W Martin. Development of Mirror Coatings for Grav-
itational Wave Detectors. 2016.

[16] R. W. P. Drever, J. Hought, A. J. Munley, S.-A. Lee, R. Spero, S. E.
Whitcomb, H. Ward, G. M. Ford, M. Hereld, N. A. Robertson, I. Kerr, J. R.
Pugh, G. P. Newton, B. Meers, E. D. Brooks, and Y. Gursel. Gravitational
Wave Detectors Using Laser Interferometers and Optical Cavities: Ideas,
Principles and Prospects, pages 503–514. Springer US, Boston, MA, 1983.

[17] Gravitational Wave Interferometer Noise Calculator, https://git.ligo.
org/gwinc/pygwinc, Accessed: 2023-06-04.

[18] M Beccaria, M Bernardini, S Braccini, C Bradaschia, A Bozzi, C Casciano,
G Cella, A Ciampa, E Cuoco, G Curci, E D’Ambrosio, V Dattilo, G De Car-
olis, R De Salvo, A Di Virgilio, A Delapierre, D Enard, A Errico, G Feng,
I Ferrante, F Fidecaro, F Frasconi, A Gaddi, A Gennai, G Gennaro, A Gi-
azotto, P La Penna, G Losurdo, M Maggiore, S Mancini, F Palla, H B
Pan, F Paoletti, A Pasqualetti, R Passaquieti, D Passuello, R Poggiani,
P Popolizio, F Raffaelli, S Rapisarda, A Viceré, and Z Zhang. Relevance of
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A. PCI - CORRECTION FACTOR

In the PCI method, for a film with a refractive index that is much higher than
that of the substrate, the incident laser beam creates a standing wave. The in-
tensity of the wave is influenced by the reflectivities of both interfaces and the
optical thickness of the film. It also varies across the film’s thickness, requiring
appropriate averaging to extract the desired absorption coefficient from the mea-
sured temperature rise. The magnitude of the electromagnetic field within the
film is expressed as,

Ee0 = t1Ein + Ec0r1r2e
i2ϕ (A.1)

where Ein and Ec0 stand for the incident electromagnetic field and the field cir-
culating just inside the top surface of the film. In Eq. A.1, t1, r1 and r2 are
transmission and reflection coefficients for the front (index 1) and rear (index 2)
surfaces, and ϕ = 2πnd/λ is the optical thickness of the film with the physical
thickness d at a laser wavelength of λ. The total power in the film is then:

Ptot =

∫ d

0

Pabs(z) dz =
1

2
α

∫ d

0

|E(z)|2 dz =
αd|Ein|2

2
(1 − r21)Fcorr (A.2)

where the prefactor Fcorr is the result in the absence of interference effects, which
is given by

Fcorr =
1 + r22 + r2sin(2ϕ)/ϕ

1 + r21r
2
2 − 2r1r2cos(2ϕ)

(A.3)

with r1 =
nf−nair

nf+nair
and r2 =

ns−nf

ns+nf
. The terms nair, nf and ns represent the re-

fractive index of air (1), film (3.6 for a-Si, 2.46−3.06 for a-SiC depending on its
Si content [149]) and substrate (1.45 for fused silica).

Hence, the measured values of the optical absorption, αm, were corrected by
Fcorr, with the value of this correction factor for each sample reported in this
work listed in Table A.1.

α =
αm

Fcorr

(A.4)
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B. ANNEALING AMORPHOUS Si IN
AIR

This appendix presents a comparative study between annealing in air and an-
nealing in vacuum for magnetron sputtered a-Si films. The annealing process is a
crucial post-growth treatment that allows for relaxation of internal stresses and
rearrangement of atoms, thus influencing the film’s properties. Annealing in air
is a commonly used method for LIGO mirror coatings since they are currently
made of oxide materials (a-Ti:Ta2O2 and a-SiO2). However, annealing a-Si in air
poses a challenge due to the potential oxidation of silicon, which can significantly
impact the properties of the resulting film.

It is worth noting that a-SiO2, the oxide formed during air annealing, has been
shown to exhibit low room-temperature mechanical loss [94] and low optical ab-
sorption [96], making it challenging to discern the true effects of annealing on
a-Si itself. The presence of surface oxide may effectively lower both the measured
Q−1

RT and absorption of the annealed a-Si film, thereby complicating our under-
standing of the intrinsic impact of annealing on a-Si.

By contrast, annealing in vacuum avoids the oxidation issue and provides a con-
trolled environment for examining the effects of post-growth treatment on a-Si
films. Figure B.1 compares the optical absorption of vacuum- and air-annealed
MS a-Si. The observations from the comparison are as follows: 1) Among the
360 ◦C-deposited samples, the one annealed in air shows a larger reduction in
absorption compared to its as-deposited state at both wavelengths studied. 2)
The samples annealed in air exhibit a weaker response to the subsequent post-
hydrogenation; the reduction in absorption at both 1550 and 2000 nm is less
pronounced in air-annealed a-Si. The first observation can be attributed to the
lower density of the 360 ◦C, Ar 1.5 mTorr a-Si, as illustrated in Fig. 4.1, which
facilitates oxygen diffusion and potentially leads to the formation of a thicker
oxide layer. Consequently, the optical absorption at these wavelengths decreases
as a-SiO2 is transparent to them. However, the formation of this oxide may act as
a diffusion barrier, hindering the incorporation of hydrogen during post-H, thus
making the post-H process less effective on air-annealed samples.
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Figure B.1: Comparison of the optical absorption of MS a-Si films deposited at RT and

360 ◦C, Ar 1.5 mTorr, after undergoing annealing in both vacuum (black lines) and air

(purple lines), at 1550 nm (top) and 2000 nm (bottom).
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C. TABLES OF EXPERIMENTAL
RESULTS

Table C.1: List of structural properties of MS Ar-deposited a-Si.

Sample state Growth conditions
ρat ∆θ -tr(ε) ρDB O content

×1022 cm−3 ◦ % ×1018 cm−3 at.%
as-deposited RT, 1.5 mTorr 5.08±0.06 11.00±0.18 1.24±0.03 20.0±1.2 0.29

360 ◦C, 1.5 mTorr 4.73±0.09 9.62±0.10 0.59±0.03 17.5±1.0 0.19
RT, 4.0 mTorr 4.87±0.13 11.13±0.22 2.30±0.03 13.5±0.8 0.92
360 ◦C, 4.0 mTorr 4.94±0.07 9.88±0.13 1.17±0.03 14.4±0.8 -
RT, 10.0 mTorr 3.48±0.21 10.22±0.10 2.37±0.03 10.4±0.6 37.99
360 ◦C, 10.0 mTorr 4.48±0.43 9.20±0.07 1.59±0.03 12.26

annealed RT, 1.5 mTorr 10.10±0.10 1.57±0.03 20.4±1.1
360 ◦C, 1.5 mTorr 9.07±0.07 0.67±0.03 14.7±0.8
RT, 4.0 mTorr 10.35±0.10 2.35±0.03
360 ◦C, 4.0 mTorr 9.70±0.10 1.63±0.03 6.1±0.3
RT, 10.0 mTorr 11.07±0.10 2.78±0.03
360 ◦C, 10.0 mTorr 9.80±0.08 2.02±0.03
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Table C.2: Mechanical loss and elastic constants of MS Ar-deposited a-Si.

Sample state Growth conditions
Q−1

0,1K Q−1
0,10K Q−1

100K G Q−1
RT E ν

×10−5 ×10−5 ×10−5 GPa ×10−4 GPa
as-deposited RT, 1.5 mTorr 4.8 6.5 17.4 31.8 2.91±0.04 122.0±1.6 0.408±0.002

360 ◦C, 1.5 mTorr 2.5 3.0 13.3 46.1 1.12±0.01 135.7±1.6 0.287±0.002
RT, 4.0 mTorr
360 ◦C, 4.0 mTorr 2.8 3.3 13.4 44.6 1.25±0.01 123.4±1.6 0.402±0.002
RT, 10.0 mTorr
360 ◦C, 10.0 mTorr

annealed RT, 1.5 mTorr 0.85±0.03 136.4±1.7 0.334±0.002
360 ◦C, 1.5 mTorr 2.4 2.9 12.5 46.7 1.53±0.01 138.2±1.7 0.104±0.002
RT, 4.0 mTorr
360 ◦C, 4.0 mTorr 0.90±0.01 140.5±1.6 0.320±0.001
RT, 10.0 mTorr
360 ◦C, 10.0 mTorr
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Table C.3: List of structural properties of MS Ne-, Ar-, Kr- and Xe-deposited a-Si.

Working gas Growth conditions
ρat ∆θ -tr(ε) ρDB O content

×1022 cm−3 ◦ % ×1018 cm−3 at.%
Ne 360 ◦C, 11.0 mTorr 3.68±0.21 9.50±0.07 1.67±0.02 8.5±1.0 5.97
Ar 360 ◦C, 1.5 mTorr 4.73±0.09 9.62±0.10 0.59±0.02 17.5±1.0 0.19
Kr 360 ◦C, 1.5 mTorr 4.68±0.19 8.43±0.07 0.33±0.02 12.7±1.4 0.19
Xe 360 ◦C, 0.5 mTorr 4.81±0.13 8.43±0.02 1.26±0.02 12.8±1.3 -

360 ◦C, 1.5 mTorr 4.97±0.08 8.37±0.02 1.28±0.02 16.4±1.7 0.48

a The gas inclusion in all samples is below the detection limit (0.1 at.%), except for the Ne-
deposited a-Si (∼2 at.%).

Table C.4: Mechanical loss and elastic constants of MS Ne-, Ar-, Kr- and Xe-deposited

a-Si.

Working gas Growth conditions
Q−1

0,1K Q−1
0,10K Q−1

100K G Q−1
RT E ν

×10−5 ×10−5 ×10−5 GPa ×10−4 GPa
Ne 360 ◦C, 18.0 mTorr 6.47±0.04 82.0±5.3 0.261±0.154
Ar 360 ◦C, 1.5 mTorr 2.5 3.0 1.3 46.1 1.12±0.01 135.7±1.6 0.287±0.002
Kr 360 ◦C, 1.5 mTorr 1.4 1.9 9.1 45.3 1.06±0.01 128.0±1.3 0.288±0.021
Xe 360 ◦C, 0.5 mTorr 0.8 1.2 6.7 48.3 0.90±0.01 129.1±2.3 0.355±0.025

360 ◦C, 1.5 mTorr 1.7 2.0 10.2 48.2 0.89±0.01 137.7±2.1 0.275±0.029
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Table C.5: List of structural properties of MS Ar- and Ar/H2-deposited a-Si:H.

Sample state Growth conditions
ρat ∆θ -tr(ε) ρDB O content

×1022 cm−3 ◦ % ×1018 cm−3 at.%
as-deposited RT, 1.5 mTorr 5.08±0.06 11.00±0.18 1.24±0.03 20.0±1.2 0.29

360 ◦C, 1.5 mTorr 4.73±0.09 9.62±0.10 0.59±0.03 17.5±1.0 0.19
RT, Ar/5% H2 4.71±0.12 8.88±0.06 2.18±0.02 18.7±1.0 0.49
360 ◦C, Ar/5% H2 4.78±0.05 8.81±0.05 1.40±0.02 1.8±0.1 -
RT, Ar/10% H2 4.65±0.05 8.76±0.08 1.65±0.02 0.41
360 ◦C, Ar/10% H2 4.72±0.05 8.77±0.05 0.76±0.02 -

annealed RT, Ar only 5.04±0.06 10.10±0.10 1.57±0.03 20.4±1.1
360 ◦C, Ar only 4.79±0.09 9.07±0.07 0.67±0.03 14.7±0.8
RT, Ar/5% H2 4.85±0.14 8.90±0.07 1.44±0.02 1.3±0.1 0.22
360 ◦C, Ar/5% H2 4.91±0.07 8.81±0.05 0.75±0.02 1.7±0.1 -
RT, Ar/10% H2 4.60±0.08 8.56±0.09 1.51±0.02 0.72
360 ◦C, Ar/10% H2 4.69±0.06 8.73±0.05 0.78±0.02 -

post-H RT, Ar only 4.60±0.09 8.99±0.05 1.37±0.02 3.8±0.2 0.60
360 ◦C, Ar only 4.75±0.05 8.73±0.06 0.79±0.02 4.8±0.3 0.20
RT, Ar/5% H2 4.79±0.18 8.68±0.07 1.35±0.02 0.3±0.0 0.18
360 ◦C, Ar/5% H2 4.91±0.13 8.81±0.05 0.69±0.02 0.9±0.1 0.27
RT, Ar/10% H2 4.57±0.08 8.67±0.08 1.47±0.02 0.47
360 ◦C, Ar/10% H2 4.69±0.08 8.70±0.05 0.63±0.02 0.18

a Note that the same thickness was used to estimate the atomic density for the same sample in
all three states, as the change in film thickness after post-growth processing is within 2%, except
for the RT- and 360 ◦C-deposited Ar only samples. For these samples, change in thickness was
used to estimate the ρat of their annealed state.
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Table C.6: Mechanical loss and elastic constants of MS Ar- and Ar/H2-deposited a-

Si:H.

Sample state Growth conditions
Q−1

0,1K Q−1
0,10K Q−1

100K G Q−1
RT E ν

×10−5 ×10−5 ×10−5 GPa ×10−4 GPa
as-deposited RT, 1.5 mTorr 4.8 6.5 17.4 31.8 2.91±0.04 122.0±1.6 0.408±0.002

360 ◦C, 1.5 mTorr 2.5 3.0 13.3 46.1 1.12±0.01 135.7±1.6 0.287±0.002
RT, Ar/5% H2 1.95±0.01 113.3±1.8 0.419±0.002
360 ◦C, Ar/5% H2 0.23±0.01 129.5±1.7 0.343±0.002
RT, Ar/10% H2

360 ◦C, Ar/10% H2

annealed RT, 1.5 mTorr 0.85±0.03 136.4±1.7 0.334±0.002
360 ◦C, 1.5 mTorr 2.4 2.9 13.4 46.7 1.53±0.01 138.2±1.7 0.104±0.002
RT, Ar/5% H2 0.59±0.01 121.2±1.6 0.372±0.002
360 ◦C, Ar/5% H2 0.27±0.01 132.1±1.6 0.341±0.002
RT, Ar/10% H2

360 ◦C, Ar/10% H2

post-H RT, Ar only 0.50±0.02 113.1±1.6 0.413±0.002
360 ◦C, Ar only 1.15±0.01 119.4±1.5 0.395±0.002
RT, Ar/5% H2 0.75±0.01 126.5±1.6 0.337±0.002
360 ◦C, Ar/5% H2 0.22±0.01 134.0±1.6 0.339±0.002
RT, Ar/10% H2

360 ◦C, Ar/10% H2

a G is the shear modulus extracted from DPO measurements at 300 K, and E and ν are Young’s
modulus and Poisson’s ratio obtained from GeNS measurements (Sec. 3.3.8 and 3.3.9).
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D. CORRELATION MATRICES OF
PROPERTIES

ρat ∆θ tr(ε) %DB Q−1
0 Q−1

RT G
ρat 1
∆θ -0.063 1
tr(ε) -0.354 0.538 1
%DB 0.375 -0.086 -0.126 1
Q−1

0 -0.600 0.699 0.791 -0.264 1
Q−1

RT -0.312 0.634 0.372 -0.496 0.852 1
G 0.130 -0.604 -0.588 -0.533 -0.593 -0.483 1

Table D.1: Correlation between properties of MS and e-beam a-Si data, excluding MS

Ne a-Si. %DB represents the percentage of dangling bonds in the Si-Si bonding network,

taking into account ρDB and ρat. Cells highlighted in yellow indicate statistically

significant results.

ρat ∆θ tr(ε) %DB Q−1
0 Q−1

RT G
ρat 1
∆θ 0.586 1
tr(ε) 0.807 0.354 1
%DB 0.598 0.868 0.338 1
Q−1

0 0.667 0.957 0.197 0.389 1
Q−1

RT 0.657 0.649 -0.072 0.706 0.888 1
G -0.609 -0.862 -0.174 -0.674 -0.918 -0.995 1

Table D.2: Correlation between properties of MS a-Si data only, excluding MS Ne a-Si.

%DB represents the percentage of dangling bonds in the Si-Si bonding network, taking

into account ρDB and ρat. Cells highlighted in yellow indicate statistically significant

results.
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