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Abstract 

 

Innovations on Small-Scale Mechanical Testing to Characterize the Structure-Property 

Relationships of SiC/SiC Composite Interfaces 

 

by 

 

Joseph Kabel 

 

Doctor of Philosophy in Nuclear Engineering 

 

University of California, Berkeley 

 

Professor Peter Hosemann, Chair 

 

 

Silicon carbide / silicon carbide (SiC/SiC) composites have emerged as a leading candidate for 

accident tolerant fuel cladding in light water reactors (LWR)s. Their high temperature strength and 

oxidation kinetics offer marked improvement for enduring severe loss of coolant accidents, thereby 

providing additional coping time for proper response. A key factor for qualification and 

implementation of these composites is the ability to model and predict their behavior over ranges 

of temperature, irradiation, and cyclic fatigue. To do so requires a fundamental understanding of 

the constituent property evolution and interplay at the fiber/matrix interphase.  

This dissertation asserts that small-scale mechanical testing provides the resolution and 

versatility required to capture structure-property relationships of the interphase, at its engineered 

length scale. This was explored by developing four novel experiments to probe the interphase 

properties that control composite toughness. First, high-resolution SEM DIC quantified the 

microscale elasticity across the pyrolytic carbon (PyC) bond layer, finding a gradient in Young’s 

Modulus and Poisson’s ratio that is directly linked to the PyC graphitic texture. Second, application 

of a self-aligning microtensile test enabled reliable extraction of the tensile strength and weakest 

link characteristics of the SiC/PyC/SiC interphase. Third, micropillar compression was used to 

evaluate 11 composite interphase conditions, defining a phenomenological equation for ultimate 

shear strength as a function of fiber roughness, PyC thickness, and residual compressive stress 

normal to the fiber surface. The effects of irradiation and fabrication-induced defects were also 

quantified. And fourth, a novel fiber fretting technique was developed for direct extraction of the 

cyclic degradation at the fiber/matrix interphase. Testing across four conditions revealed friction 

dependence on adhesive and abrasive mechanisms up to 1000 cycles. Post hoc characterization of 

the tribo-surface revealed a crystalline to amorphous transition of the PyC structure. 

The relatively accessible lab equipment and straightforward test configurations lend 

themselves to application in high temperature and oxidative environments, offering a robust toolkit 

for composite characterization and integrated design feedback on irradiated and next generation 

composite concepts. It is hoped that this research will open new doors to advanced optimization 

and modelling opportunities in the field of ceramic composites. 
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1 Motivation  

1.1 Nuclear energy and innovation 

 

Few technologies pose more promising humanitarian benefits than nuclear energy. Its 

unparalleled energy density and minimal resource consumption serve to mitigate global 

greenhouse gas emissions, and simultaneously impact public health and climate change concerns. 

To date, nuclear energy has prevented over 1.84 million deaths related to air pollution and 64 

gigatonnes (Gt) of CO2 greenhouse gas emissions that would have resulted from burning fossil 

fuels [1]. Predictions indicate that it could prevent an additional 420k-7.04 million deaths and 80-

240 Gt of CO2 emissions by 2050. Furthermore, the reliable baseload energy provides a path for 

emerging economies to develop energy independence without disproportionately impacting our 

underserved communities [2]–[4]. Of course, nuclear energy has been plagued with economic, 

national security, and safety challenges, some real and some perceived, that have limited rapid 

expansion. The continued use and growth of nuclear power will depend on innovative social, 

legislative, and technical solutions to these issues.  

One area of innovation that aims to address both economic and safety concerns for current and 

next generation reactors is the development and integration of advanced high temperature 

materials. From an economic perspective, benefits include improved thermodynamic efficiencies 

as well as opportunities for hybrid technologies to coproduce H2 and industrial heating while 

offsetting grid intermittency of wind and solar [5]. Improved high temperature materials also 

provide larger safety margins in accident scenarios, providing more time for accident response and 

limiting catastrophic damage to core components. The US Department of Energy (DOE) 

recognized these needs and established various programs over the last 20 years to explore and 

move towards the integration of next generation materials. Simultaneously there were implicit 

goals to establish new life for reactor innovation as most material development had stagnated by 

the 1970’s [6]. Historical evidence from other industries suggests lack of material advancement, 

and corresponding design innovations, will eventually lead to obsolescence. Throughout the 

2000’s these efforts were steadfast under the DOE Generation IV Nuclear Energy Systems (Gen 

IV) Program [7] with specific goals to evaluate a wide range of innovative reactor designs. Many 

people proposed alternative coolants such as liquid sodium and helium gas to reach new marks for 

fuel utilization and thermal efficiency respectively. With the new designs that required higher 

operating temperatures, the Gen IV Reactors Integrated Materials Technology Program Plan: 

Focus on Very High Temperature Reactor Materials was established in 2008 to map candidate 

materials that could meet the temperature, mechanical, and environmental loading needs of the 

respective designs[8]. Most metallic materials had reached maturity and focus was shifting toward 

the applicability and scale up of ceramic materials [9]. Efforts investigated the applicability of 

continuous ceramic fiber reinforced graphite and silicon carbide composites, finding favorable 

mechanical and irradiation tolerance in high purity silicon carbide (SiC) materials [10]–[14].  

1.2 Reactor safety and accident tolerant fuel 

 

After the March 2011 events at the Fukushima-Daiichi plant [15], enhancing the accident 

tolerance of light water reactors (LWR) became a serious topic of discussion within the U.S. and 

internationally. As a result, the DOE-Nuclear Energy Advanced Fuels Campaign (AFC) pushed 

for a robust characterization of accident tolerant fuel (ATF) concepts to address immediate 
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concerns for LWRs [16]. Fuels with enhanced accident tolerance are those that, in comparison 

with the industry standard UO2 fuel – zirconium alloy cladding, can tolerate loss of active cooling 

in the reactor core for a considerably longer time period during a design-basis (Loss Of Coolant 

Accident (LOCA), Reactivity Insertion Accident (RIA)) and beyond design-basis (BDB) events 

(e.g., Fukushima and short/long term station blackouts STSBO/LTSBO) while maintaining or 

improving the fuel performance during normal operations and operational transients [17].  

In a loss of coolant accident without access to emergency core cooling systems (ECCS), like 

that observed at Fukushima, the core is uncovered, and the main mode of heat dissipation is 

through high temperature steam instead of flowing water. As the heat transfer processes become 

less efficient, temperatures rise, and the fuel elements start to experience physical and chemical 

degradation. This accident progression can be viewed in three phases, shown in Figure 1.1-A [18]. 

The lead up phase represents rapid temperature increase due to remaining decay heat in the fuel 

and lack of flowing coolant. As the remaining water in the core turns to steam the zirconium 

oxidizes rapidly following the overlaid equation in Figure 1.1-B [17], [19], and the cladding can 

fail by burst rupture, denoted by the red curve in Figure 1.1-A. The enthalpy of oxidation drives 

additional heat into the system that can increase temperature dramatically, shown in Figure 1.1-B. 

This results in a runaway temperature climb as more high temperature steam leads to more 

oxidation, at which point continued cladding failure and melt takes place. At this point the accident 

response shifts to radionuclide release management of the larger containment vessel and reactor 

recovery is lost. This is represented by the end of the red curve in the mid-phase in Figure 1.1-A. 

In order to mitigate this evolution, a system level quench (via ECCS or other coolant insertion) is 

needed, shown by the green dashed line. Extending the available time to quench is an imperative 

for the ATF design. The late phase shown in Figure 1.1-A shows a purple curve that represents the 

anticipated postponement of catastrophic failure via the integration of ATF cladding. In addition 

to the runaway heating, significant quantities of hydrogen gas are produced by the same oxidation 

reaction. This is a dangerous combination that ultimately led to the explosions at Fukushima and 

exacerbated the crisis [15].  

 

Figure 1.1 – A) General overview of coolant-limited accident progression in an LWR core, 

reproduced with permission from ref. [18], copyright 2014 Elsevier. B) Thermal power and 

cumulative energy due to radionuclide decay heat and zirconium-based cladding oxidation heat 
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during a short-term station blackout, reproduced and adapted with permission from ref. [19], 

copyright 2018 Elsevier. 

With a comprehensive view of the temperature and oxidation induced damage that takes place 

in the core, the AFC and Nuclear Regulatory Commission (NRC) worked to define a series of key 

objectives and constraints for ATF [20]. These cladding degradation phenomena and 

corresponding design attributes are summarized in Figure 1.2 [18], suggesting the development of 

a cladding material that maintains mechanical integrity and reduces oxidative heat input are critical 

considerations for ATF. Additionally, candidate cladding systems must adhere to the principle “do 

no harm,” meaning that the materials, under all operating conditions, perform at least as well as or 

better than the current fuel system. As such, these cladding must also be designed for backwards 

compatibility across the front and back end of the fuel cycle and assembly integration for 

coresidence with LWR core structures. 

 

Figure 1.2 - Evolution of a fuel rod under LOCA and SBO conditions with three key performance 

features of ATF concepts for improved safety margins, reproduced with permission from ref. [18], 

copyright 2014 Elsevier. 

 

From the outlined criteria, several candidate materials were proposed and evaluated, drawing 

on characterizations made under the GenIV campaign [9], [21]–[24]. Continuous SiC fiber 

reinforced SiC matrix composites (SiC/SiC) was an immediate front runner having shown 

irradiation tolerance and superior high temperature strength compared to its metallic competitors 

[10], [25], [26]. Figure 1.3-A,C showcases the irradiation dimensional and mechanical stability of 

SiC/SiC, suggesting the cladding is capable of maintaining structural integrity throughout its 

operational cycle [26]–[28]. Furthermore, corrosion studies in Figure 1.3-B showed that the 

parabolic oxidation rate (kp) of SiC in high temperature steam is three orders of magnitude lower 

than zirconium based clad, simultaneously addressing the ATF goals of reducing enthalpy input 

and hydrogen production [22],[19]. Studies also suggest that SiC has a positive neutronic impact 

on core performance due to its low thermal neutron capture cross-section [24], [29], [30]. Figure 
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1.3-D shows a table from a comprehensive neutron transport analysis to explore the relative impact 

different materials on reactor cycle length [30]. As a drop in replacement cladding, SiC/SiC 

showed an increase in both achievable burn-up and effective full power days (EFPD) for a single 

assembly in a three-batch fuel management scheme. This supports SiC/SiC as an ATF solution 

that can perform better than the current fuel-cladding configuration.   

 

Figure 1.3 – A) Dose-dependent evolution of swelling for pure SiC nuclear-grade SiC/SiC, 

reproduced with permission from [26], copyright Elsevier 2014. Results show that swelling 

saturates at ~1-2% after ~1 dpa. B) Parabolic oxidation rate for various cladding materials and 

their resulting oxidation rates in steam, reproduced and with permission from ref. [19], copyright 

2018 Elsevier. Results show the oxidation rate is three orders of magnitude smaller that zirconium-

based alloys. C) Flexural behavior of unirradiated and irradiated SiC/SiC composites with HNLS 

fibers, reproduced with permission from [27], copyright Elsevier 2017. Results show limited 

influence from irradiation up to 11.8 dpa. D) Monte Carlo analyses for a three-batch cycle length 

of the UO2-SiC cladding using the neutron transport tool Serpent, pulling cross-section data from 

ENDF/B-VII.0, reproduced with permission from [30], copyright Elsevier 2015. 

 

The promising properties explored over the last decade, exhibited in Figure 1.3, have enabled 

continued and accelerated research funding for SiC/SiC composites as ATF cladding. To further 

qualify the material systems, one branch of research, explored in this dissertation, is to understand 

the interplay of the composite constituents; fiber, matrix, and interphase. The mechanical 
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performance of these composites relies on the load sharing between the fiber and matrix which is 

explicitly dependent on the interphase properties. Developing methods to probe these properties 

as a function of irradiation and interphase design provide a platform for advanced modeling that 

can capture bulk behavior. Ultimately, this enables an accelerated pathway to qualification and 

design optimization of SiC/SiC composite for ATF and advanced reactor applications.  
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2 Research objectives 

 

The overarching goal of this research is to advance innovation in accident tolerant fuel cladding 

for nuclear reactor applications. Advances here also have tangible impacts for advancements in 

aerospace and other high temperature industries planning to integrate ceramic composites. 

Broadly, a shared goal in reactor design is to establish a model that can predict system scale 

behavior based on any variety of perturbations introduced at any system level. Provided a desired 

set of outcomes, the ideal model also provides feedback on the phenomena responsible for success 

or failure and identifies ways for optimization. In order to have this type of feedback, a 

fundamental understanding of the complex and often interdependent interactions between material 

behavior, thermal transport, and myriad other physical and chemical phenomena is required. For 

example, irradiation damage may degrade interfacial strength of a cladding coating, causing 

localized failure that reduces thermal conductivity of the cladding, thereby increasing fuel 

temperature, and ultimately reducing core lifetime. Capturing this interplay of effects is a 

significant task that is conventionally broken into parts and distributed across the research 

community at large. As such, the context of this research focuses on SiC/SiC composites, and 

specifically the relationships between microstructure and mechanical properties of the pyrolytic 

carbon (PyC) interphase between the fiber and matrix. Thereby the research question is posed, 

what is the most effective way to probe constituent properties at their engineered length scale that 

captures and quantifies the influence of microstructure?  

The hypothesis of this research asserts that small-scale mechanical testing provides the 

precision and versatility needed to explore both static and dynamic properties of the fiber/matrix 

interphase. Furthermore, that the techniques developed here can effectively quantify structure-

property relationships that were previously inaccessible. This hypothesis is explored throughout 

the remainder of the dissertation by way of design, execution and discussion of novel small-scale 

testing. Confirmations and shortcomings are discussed, and the findings are summarized in the 

context of composite behavior and modelling. 

2.1 Thesis organization 

 

This dissertation methodically describes composite performance in the context of interfacial 

mechanisms, proposes and carries out a series of small-scale mechanical tests, and summarizes the 

findings with discussion on composite design.  

• Chapter 3 provides a broad background reviewing constituent material, fabrication 

methods, composite performance and toughening mechanisms, and relevant small-scale 

testing considerations. This leads to a proposed series of tests to isolate and extract the 

relevant properties. 

• Chapter 4 leads the reader through experimental design and execution of each test method. 

Robust detail and discussion of experiment development, scientific impact, and relevance 

to composite performance are laid out in these sections. 

• Chapter 5 briefly summarizes the findings in the context of composite toughening 

mechanisms, highlighting the scientific and industrial impact. Short comings and lessons 

learned are also touched on.    

• Chapter 6 provides a succinct conclusion to contextualize the effort in the advancement of 

nuclear energy and broader composite characterization. 
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3 Background 

3.1 SiC/SiC composites  

 

As outlined in the Motivation section, SiC/SiC composites have been under investigation for 

application as ATF cladding for LWRs. A major step in SiC/SiC qualification is capturing the 

mechanical behavior of the composite as it relates to constituent evolution over time. Therefore, it 

is important to understand the composite fabrication and constituent microstructures. SiC/SiC 

composites are composed of continuous SiC fibers, a PyC interphase, and consolidated SiC matrix. 

Applying a system of SiC-fibers embedded in a SiC-matrix avoids mismatch complexities in both 

thermoelastic and irradiation swelling. Composites that are designed for enhanced radiation 

resistance are referred to as nuclear grade SiC/SiC. This is achieved through manufacturing 

techniques that evolve stoichiometric, high purity, cubic forms of SiC (β-SiC) materials. Impurities 

limit operational temperature due to increased creep and decreased ultimate strength, while non-

cubic polytypes of SiC (α-SiC) lead to anisotropic swelling and unstable intergranular cracking 

[31]–[33]. High quality fabrication ultimately requires careful curing procedures for the SiC fibers 

and controlled chemical vapor infiltration (CVI) parameters for the SiC matrix material. Carbon 

materials such as PyC are known to undergo moderate irradiation effects including early 

contraction followed by swelling, eventually leading to amorphization [34]–[36]. Numerous 

studies on reactor graphite provides some confidence in accurately capturing PyC evolution. 

Ultimately, it has been shown composites can still retain properties up to high neutron damage if 

the interphase thickness is sufficiently optimized [10], [27], [28], [37], seen in Figure 1.3-C.  

For composite manufacturing, the fiber filaments, Figure 3.1-A, are collected in unidirectional 

groups of 500-2000 filaments called tows. These tows are then woven into an architecture preform 

designed to optimize component performance, Figure 3.1-B. There is an entire science dedicated 

to the role of fiber architecture as it relates to textile weave and subsequent stress and strain 

distribution [38]. Generally, composite strength is optimized when the longitudinal axis of the fiber 

tows is aligned with the loading direction. In the context of composite cladding, the stress state 

follows that of a thin wall pressure vessel, where internal pressure evolves from both gaseous 

fission product release and fuel pellet swelling interaction with the cladding wall [39]. Pressure 

vessel mechanics show that hoops stress is a factor of two larger than axial stress, driving a 

sausage-split failure mechanism [40]–[42]. To address this while maintaining a continuous tube 

structure, cladding preforms typically make interweaved tows angled at ±30°/30° to ±45°/45° [43], 

[44], observed in Figure 3.1-B,D. 

The woven preform is then passed to a CVI reaction chamber to fully consolidate the 

composite. The first step is the deposition of the fiber/matrix interphase. The term interphase 

describes the varied interfaces and bond layer thicknesses deposited between the fiber and matrix 

[45]. The design of these interphases can range from monolayer to multilayers with a variety of 

materials and thicknesses [46]. For nuclear application pyrolytic carbon (PyC) is the material of 

choice. The intention of the interphase is to provide a weak zone for crack deflection without 

directly exposing the fiber to its environment. Decision considerations for the interphase design 

are detailed in section 3.2. It can be noted that CVI is fundamentally the same process as chemical 

vapor deposition (CVD) but the flow and temperature parameters are varied such that the precursor 

gas can infiltrate and deposit within the complex fiber architecture. This equates to running at 

lower deposition rates that allow gas penetration into the pore network [47]. Economically, this 
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results in long and expensive fabrication times, meaning the improved efficiency and safety 

margins of the advanced material need to be significant to overcome the cost. 

The composite fabrication process is exemplified in Figure 3.1-A-D. Fiber volume fraction is 

typically ~30-40% with porosity evolving across multiple lengths scales and totaling ~10-20% 

which has major implications for damage evolution in the composite. Depending on interphase 

thickness, the PyC typically is typically << 5%. This leads to approximately equal contribution 

from fiber and matrix for elasticity and thermal properties of the composite system. Specific 

fabrication techniques and microstructures for the composite constituents are described below for 

reference. 

 

Figure 3.1 – A) SEM image of a Tyranno SA3 fiber. B) Textile tow weaving to make the cladding 

preform. C) SEM images of two different PyC/SiC interphase designs and infiltrated SiC matrix 

around the fibers. Enclosed porosity is observed on the lower image. D) Consolidated composite 

cladding tube with duplex design exhibiting composite inner structure and thick CVD SiC outer 

coating for corrosion and hermeticity. Images A & C reproduced with permission from ref. [26], 

copyright Elsevier 2014. Images B and D courtesy of General Atomics company. 

 

3.1.1 SiC fibers 

Fibers are the backbone of any composite. Their small diameter (5-15 μm) reduces flaw size 

distribution, increasing their characteristic strength and typically defining the ultimate strength of 

the composite. For nuclear energy applications, these fibers also must meet requirements for long-

term high-temperature stability, creep resistance, and oxidation stability. This has been achieved 

via incremental improvements in fiber manufacturing to reduce residual carbon and oxygen 

content and increasing the β-SiC grain size. This evolution has been partitioned into three 

generations, mostly defined by the achievable purity, illustrated and characterized in Figure 3.2 

[32]. SiC fibers are manufactured using a direct two-step process. The first step is the synthesis of 

inorganic precursor polymers which are spun into green fibers. For SiC, these are polycarbosilanes 

with optional metal organic additions to act as sintering aids for grain growth. The second step, 

green fiber curing, defines the microstructural quality of the SiC fiber. Early generations were 

cured in air up to 1200°C that produced high oxygen and amorphous content, and subsequent high 
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creep rates and defect evolution due to off gassing above 1300°C. Studies showed that oxygen 

content is a key factor in controlling the microstructures and related creep and rupture properties 

[33]. It followed that the reduction of the oxygen content is essential for improving the high-

temperature performance. Manufacturers developed new polymer derivatives with less oxygen 

content, and also introduced inert atmosphere electron beam ionization curing of the green fiber 

that reduced oxygen concentration. Incremental advancements in grain structure through the 

addition of aluminum and higher temperature curing cycles led to the current nuclear grade 

generation III fibers. These fibers, expressed by the highly crystalline, low impurity, schematic on 

the right in Figure 3.2 are now capable of retaining creep and strength properties up to ~1400°C 

[48]–[50].  

 

Figure 3.2 – Three generations of commercial β-SiC based ceramic fibers. Schematic notes typical 

microstructural features, improvements, and associated fiber production names. Figure 

reproduced with permission from ref. [32], copyright John Wiley and Sons 2012. 

 

In this dissertation, three fiber types were evaluated. One is a first generation Tyranno S fiber 

(Ube Industries, Ltd., Ube, Japan) with characteristic semi-amorphous nano crystallinity and 

relatively high oxygen and carbon content [32]. The other two are premier nuclear grade fiber 

types: Tyranno SA3 (Ube Industries, Ltd., Ube, Japan) fiber that uses trace aluminum for sintering 

[51], [52] and Hi-Nicalon Type S (Nippon Carbon Co., Tokyo, Japan) fiber that uses electron beam 

curing [49], [53], [54]. Both are nuclear grade generation III SiC fibers that are characterized by a 

near-stoichiometric high crystallinity microstructure, and chemical composition with low oxygen 
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but some remaining free carbon concentrations. The primary difference is that SA3 fibers contain 

larger grains (d~50-400 nm) and consequential increased root mean squared (RMS) surface 

roughness (RRMS ~ 8 -12 nm) as compared to HNLS fiber with grain size (d ~ 10-50 nm) and RMS 

~ 2-4 nm [26], [55]–[57]. Relevant fabrication, microstructure, and property data are presented in 

Table 3.1 for reference. Figure 3.3 presents TEM images of the typical fiber microstructures of 

Tyranno SA3 and Hi-Nicalon type S fibers [37], [58]. A comparison is made between a control 

and irradiated microstructure documenting the general stability of the material up to very large 

neutron damage ~ 92 displacements per atom (dpa). 

 

Figure 3.3 – Gen III nuclear grade fibers with highly crystalline β-SiC and some residual 

secondary carbon phases A) Tyranno SA3 fiber with characteristically large grain size due to Al 

sintering aids. Grains size decreases and secondary carbon deposits increase toward the center 

of the fiber [58]. B) Hi-Nicalon type S fiber with characteristically uniform grain size distribution 

and secondary carbon phase. C) Highly irradiated HNLS fiber show grain growth and dissolution 

of secondary phase. Images B and C reproduced with permission from [37], copyright Elsevier 

2018. 

 

3.1.2 PyC interphase 

The PyC interphase is deposited on the fiber surface by CVI. A variety of conditions for PyC 

deposition have been explored, generally finding that any mixture of propylene/acetylene/methane 

can be used at a range of temperatures from 900-1600°C [47], [59], [60]. The chemical reaction 

for a given hydrocarbon follows Equation 3-1 

2𝐶𝑥𝐻𝑦(𝑔) → 2𝑥𝐶𝑠 + 𝑦𝐻2(𝑔)     3-1 

 

The concentration and temperatures used can produce diverse microstructures ranging from 

low and high density PyC of varying crystalline and amorphous carbon of varying sp2 and sp3 

character. Precursor gas flow rate and temperature can also dramatically vary the size and 

orientation of the graphitic domains. This has been a subject of extensive research, correlating PyC 

microstructure to deposition parameters such as precursor gas concentration, flow rate, pressure 

(pulsed (P) and/or isobaric (I)), and temperature [61]–[64]. Instabilities in the deposition 

environment caused by flow turbulence and/or localized temperature variances can shift reaction 

rate and lead to soot and/or porosity defects. These defects can act as seed sites that manifests in 
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nodular carbon growths embedded in the PyC [59]. CVI PyC composition is generally regarded as 

pure carbon, though can have trace amounts of hydrogen and oxygen at active lattice sites. To date, 

most manufacturers of nuclear grade composites have opted to use methane-based precursor gas 

to evolve high density, primarily sp2 graphitic PyC with nanocrystalline domains that have basal 

planes oriented along the fiber axis. This decision is aimed to promote crack deflection and provide 

a lubricating layer at the fiber surface during composite deformation. The relevance of these 

interphase characteristics is discussed explicitly in section 3.2. 

For SiC/SiC composite interphases, these nanocrystalline domains typically range in size from 

1-10 nm and are expressed with columnar or conical shape. The graphite structure consists of 

graphene sheets having localized in-plane sp2 hybrid bonds and delocalized out of plane π (pz) 

orbital bonds connecting graphene sheets. The out-of-plane bond is a Van der Waals interaction, 

which is much weaker than sp2 and sp3 hybrids. The local domains can evolve to form additional 

mesoscale ordering of polyhedral domains that can range ~200-1000 nm, shown in Figure 3.4-A. 

Pores can evolve at the triple junctions of these growth features. The size of the nanocrystalline 

domains typically is defined by La and Lc corresponding to the in-plane and out of plane graphitic 

stack dimensions, respectively. These values are most accurately quantified with X-ray diffraction 

(XRD). Relationships have also been extracted with Raman spectroscopy, however they are semi-

empirical and have a transition zone between 2-5 nm which is the relevant length scale for most 

PyCs [63], [65]. Within these graphitic domains, defects, such as grain boundaries made of low 

order pentagon/heptagon rings structures and interlayer cross-links, can exist. The latter participate 

in a network of screw dislocations and can contain substantial amounts of sp3 hybridized carbon 

in addition to curved networks of sp2 rings [66]. Very localized graphene edges can also be found 

with active or hydrogenated sites. These defects were identified and reconstructed via rigorous 3D 

reconstruction analyses from high resolution TEM images of the PyC [66], [67]. The 

reconstruction of an example PyC is shown relative to a pristine graphene lattice in Figure 3.4-B, 

C. 

The mechanical properties are strongly dependent on the local defects in a single graphitic 

crystallite as well as the long-range texture of the growth regions. Therefore, both atomic and 

mesoscale structural information is needed to develop accurate structure-property relationships of 

the PyC. A wide range of methods including molecular dynamics (MD) simulations, analytical 

homogenizations, and various experimental techniques have been explored to probe these 

relationships [68]–[72]. Chapter 4 discusses many of the literature findings for elastic and strength 

characteristics of PyC while exploring new methods to probe them. 

 

Figure 3.4 – A) Schematic representation of columnar/conical domains that collectively produce 
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polyhedral growth features, reproduced with permission from ref. [59], copyright Elsevier 2009. 

B) Atomic reconstruction of typical PyC defect structure existing in each nanocrystalline domain. 

White: purely hexagonal environments; black: defects; green, blue and red spheres represent 

hydrogen, twofold carbon and fourfold carbon atoms respectively C) Comparative atomics 

reconstruction of graphene planes at the same length scale as B, arrows indication units cell 

boundary lattice structures. Images B and C are reproduced with permission from ref. [67], 

copyright Elsevier 2015. 

 

The relative disorder of these domains is commonly characterized in terms of the opening angle 

(O.A.) determined by fast Fourier transform (FFT) of high-resolution transmission electron 

spectroscopy (HRTEM), or more accurately, using selected area diffraction (SAED) analysis [73]. 

These methods evaluate a diffraction arc generated by the overlap of the diffraction patterns from 

individual graphite domains of different orientations, indicating microstructural disorder. The 

length of the observable (002) lattice plane fringes in HRTEM also give insight to the homogeneity 

and defect density of the graphite planes within a given domain. O.A. analysis captures both 

effects, thereby providing a quantified parameter to compare defect density and mis-orientation of 

one PyC to another. The relationship between arc length and HRTEM (002) fringe distribution is 

exemplified in Figure 3.5 for PyC structure evolved at different temperatures with 50/50 

acetylene/propylene Texture classification proposed by Reznik and Hüttinger [28] follows high 

texture (HT, O.A.<50°), medium texture (MT, 50°<O.A.<80°), low texture (LT, 180°>O.A.>80°), 

and isotropic (O.A. = 180°). This method of analysis is the primary mode of microstructural 

characterization used throughout this dissertation.  
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Figure 3.5 –  A) HRTEM and overlaid SAED pattern for PyC deposition at A) 1250°C showing 

medium texture and B) 1450°C showing low texture. C) Texture classification for PyC based on 

O.A. analysis to provide reference when evaluating myriad property characteristics. Images 

reproduced with permission from ref. [59], copyright Elsevier 2009. 

 

3.1.3 CVI β-SiC 

Following deposition of the PyC interphase, the composite is fully consolidated via CVI of the 

SiC matrix. The CVI process produces high purity β-SiC from a precursor gas reactant at 

comparatively low temperatures (900–1100°C) without the use of sintering aids [13]. Either 

methyltrichlorosilane (CH3SiCl3), or an ethyltrichlorosilane (C2H5SiCl3) gas, combined with a 

hydrogen carrier gas, are common reactant gases following the chemical reactions in equations 3-

2 and 3-3. 

𝐶𝐻3𝑆𝑖𝐶𝑙3 → 𝑆𝑖𝐶 + 3𝐻𝐶𝑙      3-2 

 

𝐶2𝐻5𝑆𝑖𝐶𝑙3 + 𝐻2 → 𝑆𝑖𝐶 + 3𝐻𝐶𝑙 + 𝐶𝐻4     3-3 

 

The basic structural unit in SiC is a covalently bonded tetrahedron with a carbon atom at the 

center of four silicon atoms (C-Si4) and vice versa (Si-C4). The length of each bond and the local 

atomic environment are nearly identical, while the stacking sequence of the Si-C bilayers can be 

different. The stacking sequences give SiC over 200 polytypes [74], of which the 3C, 4H, 6H are 

most common. The number in the polytype name represents the repetition of the Si–C pair, and 

the letter C and H represents the cubic and hexagonal crystals, respectively. The 3C is the only 

cubic polytype, referred to as β-SiC, and is considered the most stable. All the other polytypes are 

α-SiC. The crystal structures of 3C-, 4H-, 6H- are illustrated in Figure 3.6 [75]. 

 

Figure 3.6 – Schematic crystal structures of the most common polytypes for pure SiC. Arrangement 

3C is the cubic β-SiC and most stable polytype, reproduced with permission from ref. [75], 

copyright Elsevier 2001. 

 

When infiltrating the composite, growth nucleates at the PyC coated fiber surface and forms 

high-density columnar grains often displaying ring structures due to fabrication pulses for stress 

relaxation, shown in Figure 3.7-A. The columnar grains are typically ~100-200 nm wide and up 

to 5um long, shown in Figure 3.7-B. The matrix grains also contain fine structures within them, 

consisting of series of parallel dark fringes, running approximately normally to the grain growth 
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direction, shown in Figure 3.7-B, C. The stacking faults domains range as thin as 1 nm. Although 

generally benign, high stacking fault density can lead to local conversion of β to α SiC by way of 

twinning which can impact thermoelastic behavior [76], [77]. Furthermore, these stacking faults 

are usually the site for irradiation induced void formation [13]. However, vacancy mobility is 

essentially frozen at LWR operational temperatures (~300°C), and point defect swelling is 

understood to be independent of the stacking faults. Because both fiber and matrix are β-SiC, the 

overall composite swelling follows that of the combined constituents, showcased in Figure 1.3-A. 

Even with a heavily faulted crystal structure and point defect evolution, CVI β-SiC retains the high 

temperature strength and favorable transgranular failure characteristics up to very high 

temperatures and irradiation damage [13], [26].  

As SiC matrix growth continues, the columnar ring structures meet, thereby closing the 

network for precursor gas penetration, sometimes leaving porosity shown in Figure 3.7-A. This 

porosity evolves across several length scales as showcased between Figure 3.7-A and Figure 4.1. 

This porosity is commonly responsible for microcrack initiation in the matrix material matrix 

during composite deformation. The crack path selection and interplay with the PyC interphase and 

fibers as it relates to composite toughness is explored in section 3.2. 

 

Figure 3.7 – A) TEM images of the CVI β-SiC deposition with columnar ring structure evolution 

around the fiber preform [58]. B) TEM close up of the columnar gran structure showing highly 

faulted regions normal to the growth direction[58]. C) Zoomed TEM shows diffraction pattern of 

the stacking fault distribution in a single grain, reproduced with permission from ref. [26], 

copyright Elsevier 2014. 

 

For reference, a summary of the basic fabrication and microstructural characteristics for each 

constituent are presented in Table 3.1. Further details about the fabrication processes and 

composite behavior can be found elsewhere [32], [47], [48], [50], [51], [53], [54], [59], [72], [78], 

[79]. Exact deposition parameters for composites generally are proprietary so the grain structure 

for both SiC and PyC can vary from batch to batch when parameters are changed. As result, it 

becomes imperative to evaluate the microstructure for comparable analyses of any testing. 

Microstructural analyses for specific composites used in this dissertation are evaluated in their 

respective sections. 
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Table 3.1 – Constituent fabrication and microstructural characteristics 

Constituent Fabrication 

method 

Tfab 

(°C) 

Composition (at. %) Density 

(g/cm3) 

Grain 

size 

(nm) 

E 

(GPa) 

CTE 

(10-6/°C) 
Si C O 

β-SiC CVI ~1000 50 50 0 3.21 >1000 460 4.4 

Hi-Nicalon 

type S 

e- beam 

curing 

1500 48.2 50.8 1.0 3.10 ~50  420 5.1 

Tyranno 

SA3 

Oxidation 

curing 

1800 47.8 52.4 0.3 3.10 

 

~200 380 4.5 

Tyranno S Oxidation 

curing 

1200 31.8 48.1 19.4 2.35 ~2 200 3.1 

PyC CVI ~1100 0 100 0 1.9 < 5 5-50 5.5 

Data for this table is from refs [11], [26], [32], [48], [59], [72] 

The performance of these composites is intimately connected with the design and behavior of 

the fiber/matrix interphase. The next section describes factors that drive composite toughness. The 

current state of modelling is explored to demonstrate how interphase properties are being 

incorporated and to provide context in the discussion regarding new property integration.  
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3.2 Composite behavior  

 

In the early 1970’s, emerging ceramic fiber/matrix composite (CMC) technologies received 

significant attention due to their unique mechanical characteristics [80]–[84]. The initial work was 

driven primarily by the need for high performance materials for use in jet and rocket engines. For 

mechanical reliability, the application environments demand high temperature strength and 

toughness. While the development for aircraft components continues today, advancement of these 

composites led to new opportunities in the nuclear industry [85]–[90]. These materials are 

considered for use in extreme environments increasing the design space for ceramics, but also 

present challenges requiring a thorough scientific understanding of the failure mechanisms. 

The atomic bonding structure of ceramic materials can provide excellent high temperature 

(>800°C) properties including strength, creep resistance, and a variety of unique electrical and 

optical properties. However, due to the same underlying physics, monolithic ceramics exhibit little 

to no dislocation movement and are therefore inherently brittle. Fracture of ceramics is a function 

of flaw size and fracture toughness, where Weibull statistics predominate and predictability of 

failure can vary widely depending on manufacturing and microstructure of the component [91], 

[92]. Without plastic deformation and therefore strain energy absorption at the crack tip, unstable 

crack propagation will proceed at characteristically low values of critical stress (and corresponding 

critical fracture toughness), resulting in catastrophic failure that can be statistically difficult to 

predict. Traditionally, this has isolated ceramics to niche applications where tensile and bending 

stresses are avoided. However, CMCs have opened the doors to variable load bearing applications 

via unique toughening mechanisms that allow for more graceful and predictable failure. On the 

constituent-scale, brittle failure is tied to the intrinsic and typically low fracture toughness of each 

material [93]. However, due to crack deflection toughening mechanisms, strain on the bulk-scale 

is observed to be non-linear with respect to the applied stress. This behavior is described as pseudo-

ductility and accounts for the graceful failure of CMCs. Depending on the crack deflection 

mechanism at the interphase, significantly different stress-strain behavior can evolve. Figure 3.8-

A showcases this difference between an example monolithic ceramic and two SiC/SiC composites 

with different modes of interphase failure [94]. The first represents diffuse deflection within the 

PyC bond layer, and the second represents failure along a weak boundary at the fiber surface, 

shown in Figure 3.8-B. The curve denoted three regions related to CMC deformation: I - elastic 

deformation and matrix crack initiation, II - matrix multiple cracking and crack bridging, III - fiber 

pullout, deformation, and ultimate failure. This makes clear the need for proper interphase 

characterization for optimized composite design. This chapter explores the interphase dependent 

toughing mechanisms and methods for property evaluation in the context of composite modelling. 
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Figure 3.8 – A) Typical tensile stress–strain curves determined on 2D woven SiC/SiC composites 

with a PyC interphase and with (1) a tailored interfacial domain (treated fibers) or (2) a weak 

fiber/coating interface (as-received fibers). Curve regions denote different stress strain evolution 

as I: elastic deformation and matrix crack initiation, II: matrix multiple cracking and crack 

bridging, III: fiber pullout, deformation, and ultimate failure [94]. B) Schematic of interphase 

crack patterns driven by fabrication and design considerations. Images reproduced and adapted 

with permission from refs [45], [94], copyright John Wiley and Sons 2005 and 2014, respectively. 

 

A wide variety of ceramics have been studied for use, as both the fiber and the matrix, including 

alumina, lithium-silicate glasses, and non-oxides. Of these, SiC has emerged as the leading 

engineering material for extreme environment application for reasons described in the Motivation 

chapter. The rest of this chapter focuses on the design and toughening mechanisms of CMCs and 

how they relate to SiC/SiC composite development in the nuclear industry. Specific attention is 

given to the influence of PyC interphases, and the methods for identification and extraction of the 

governing properties. By reviewing both specific material data as well as the testing methods used 

to extract fundamental properties, gaps in the existing knowledge base are identified and discussed. 

Although focused on SiC/SiC, this review also provides insight into key parameters and 

experimental property extraction techniques for all CMCs with a range of fiber, interphase, and 

matrix compositions.  

3.2.1 Interphase design 

Many of the fracture characteristics of CMCs are heavily dependent on the interphase between 

the fiber and matrix. The interphase is a thin coating layer (~0.01 μm to 5 μm) deposited on the 

fiber surface that can be engineered as a single layer or to exhibit an alternating sequence of coating 

and matrix. This layer or layering is often referred to as the fiber/matrix interphase representing a 

series of interfaces. The interphase is commonly deposited via CVI and promotes matrix crack 

deflection and subsequent fiber pullout during mechanical loading. Figure 3.9 shows examples of 

the varying geometric and material forms of different interface coatings. 
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Figure 3.9 – A) SiC/B4C/SiC with alternating B4C/SiC interlayer architecture including varying 

thickness and spacing [85] B) Deformation and debonding of a ductile platinum coating in 

Al2O3/Al2O3 composite  C) LaPO4 coating on alumina reinforced with alumina composite. 

Images B and C reproduced with permission from ref. [46], copyright John Wiley and Sons 2004.  

 

An optimized interface exhibits a balance of low toughness and resistance to sliding to 

respectively promote crack deflection and increase energy absorption during fiber pull out. Details 

of deflection criterion and related interface properties are discussed further below. However, it is 

important to acknowledge the variety of interface designs that have been considered in the past 

and why PyC is of interest with respect to SiC composites in the nuclear industry. The design of 

an interphase is characteristic of the deposited material, and deposition sequencing geometry: 

spacing, thickness, density, and layer schedule. Different materials including metals, oxides, and 

low-energy slip plane crystal structures have been proposed to optimize energy absorption and 

crack deflection. Concepts of fugitive interfaces, where a physical gap is created by coating 

removal after matrix infiltration, have also exhibited reasonable composite mechanical properties 

[46], [95]. However, this design can allow environmental degradation of the exposed fiber and 

introduce challenges for components holding hermeticity which is of paramount importance for 

nuclear fuel cladding. Metallic coatings, shown in Figure 3.9-B, have shown promise with crack 

deflection and energy absorption through unique ductile phenomena, however compatibility for 

matrix densification, manufacturing challenges, and limits on operational temperature have 

hindered the advances of these designs [46], [96]. Additionally, many metals have neutron 

interactions such as transmutation and capture that are undesirable in nuclear applications. Oxide 

interfaces, considered inherently oxidation resistant, were introduced following observation of 

environmental degradation of non-oxide interfaces under aerospace engine conditions [46], [97]–

[100]. Some of the proposed oxides, such as phyllosilicate micas and hexaluminates, exhibit 

layered crystal structures with low-energy slip planes, similar to that of aromatic stacking observed 

in graphitic carbon and boron-nitride (BN). Other designs exploit isotropic oxides that have 

inherently weak bonding at the fiber/coating interface such as monazite (LaPO4), shown in Figure 

3.9-C, where fracture occurs at the interface as opposed to within the coating. Regarding chemical 

stability, oxide interfaces are generally most compatible with oxide/glass fibers and matrices. 

However, introducing an oxide coating to non-oxide (SiC) composites may limit application to 

low temperatures in order to avoid thermodynamically driven diffusion and oxidation of the fiber; 

this phenomenon weakens the fiber while increasing the fiber/coating interface strength, ultimately 

reducing toughness [46].  
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For SiC/SiC composites, most interphase design has focused on non-oxide graphite-like 

material like PyC and BN. The established deposition processes and extensive testing makes these 

coatings more desirable from the view of product maturity and industry implementation [26], [78], 

[101], [102]. Characteristic properties including high temperature stability, SiC chemical 

compatibility, and desirable fracture properties (enhanced by anisotropy), has popularized the 

fabrication and analysis of these interfaces [23], [26], [103]–[105]. PyC is the premier contender 

in the nuclear industry. BN has exhibited worse oxidation resistance at elevated temperatures in 

aqueous environments [106], [107]. Additionally, boron-10 (20% naturally occurring) has a 

neutron capture cross section approximately two orders of magnitude larger than carbon-12 

(CENDL-3.1 nuclear cross-section database), causing the interface to act as a neutron poison and 

reduce thermal fission and reactor efficiency. Finally, it’s been discussed that boron impurities in 

SiC can lead to reduced radiation tolerance and mechanical strength [108]. To adhere to the “do 

no harm” principle for ATF, nuclear composites for LWRs are prescribed PyC interphases. 

Hereafter, the composite system is referred to as SiC/SiC while the local interphase is described 

as SiC/PyC/SiC. 

3.2.2 Physics of composite toughening 

CMCs can be broken down into three constituents; the matrix, fiber, and interphase.  Each 

plays a critical role in the composite’s ability to absorb strain energy, and combined, serve as a 

reliable load bearing material. In general, the linear elastic properties of these composites are 

derived from the corresponding properties of the fiber and matrix. However, at the onset of matrix 

cracking, which is fundamentally a function of flaw distribution and composite load sharing 

characteristics (dependent on fiber volume fraction, and interphase debond properties), non-linear 

stress strain behavior is observed [93]. Microcracks in the matrix will propagate until they 

encounter a fiber/matrix interphase. At the crack tip, local strain fields interact with the interphase 

and fiber. Here, the elastic and fracture properties of the interface govern the evolution and 

propagation of the matrix microcrack [85], [93], [109], [110]. 

As the crack tip impinges on the interphase zone, two models have been proposed to describe 

whether the crack penetrates the fiber (low toughness composite) or deflects along the interphase 

(high toughness composite). The first model is the He-Hutchinson (HH) energy-based criterion 

[111] and the second is the Cook-Gordon (CG) model [112] based on stress intensity. To date, 

most analytical models for macroscopic composite behavior still follow the energy based criterion 

[93], [113], however arguments are made that the CG model is more mechanistically informed 

[45]. For HH, an arbitrary short crack must be introduced in the interface or in the fiber to express 

the conditions of extension. Initial crack size is arbitrary which limits its representation of reality. 

In any case, it is likely that one or both criteria could be integrated into the next generation of 

composite modelling. As such, both are described here with reference to the characteristic 

interphase properties that allow for desired crack deflection. 

The HH criterion is built on an integral evaluation of the plane strain problem between 

dissimilar materials as outlined by He [114]. This evaluation considers the mode I fracture energy 

release rate, Γ (J/m2), required by the interface and fiber to cause crack deflection as a function of 

Dundur’s elastic mismatch parameters, α and β [115]. In an effort to reduce complexity, the 

Poisson’s ratio of the interfacing materials is often assumed equal, leading to β = 0. Then α is 

interpreted as the material elasticity mismatch of plane strain tensile modulus (E′): 
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       𝛼 =
𝐸1

′−𝐸2
′

𝐸1
′+𝐸2

′                   3-4 

 

where E′ = E/(1+v2), subscripts 1 and 2 refer to the interfacing materials denoted in Figure 3.10, 

and E and ν are the Young’s modulus and Poisson’s ratio respectively for each phase. Ultimately, 

there exists a critical ratio of the mode I fracture energy release rates between the interface and 

fiber, Γi and Γf respectively, that determines if the impinging crack will propagate along the fiber 

or through the fiber. The fracture energy release rate is an intrinsic material property, described by 

the J-integral associated with crack opening. For brittle materials, this integral describes the elastic 

energy released during fracture, per unit surface area created. Figure 3.10 is a graphical 

interpretation of the HH criterion, generating a threshold curve to denote the crack propagation 

versus crack deflection regimes, as a function of the elastic (α) and fracture (Γ) properties of the 

respective materials. The figure also points out that following deflection there is a finite extension 

of the crack along the interface, described as the debond length ld. 

This evaluation has major implications with respect to modeling and interface design. For a 

composite system with similar elastic properties between the fiber and matrix (α → 0) such as 

SiC/SiC, the criterion requires  

      Γi  ≤ 0.25 Γf               3-5 

to achieve deflection. Typically, ceramic fibers have a fracture energy of Γf ~ 20 J /m2 suggesting 

that Γi should be smaller than 5 J/m2  in order to achieve deflection [93], [114]. Additionally, a 

common take-away from this criterion is that increasing the relative modulus of the fiber will shift 

the α parameter positive and increase the allowable deflection ratio Γi/Γf. Note that α for PyC 

(Etensile 1-30 GPa) interfacing with SiC fiber (380-420 GPa) ranges from 0.85 to 0.99. Because of 

this it can be inferred that the interface strength can be very large, even as strong as the fiber, so 

long as it is compliant. For composite design, this suggests that implementation of highly 

stoichiometric and stiff fiber will improve toughness. 

 

Figure 3.10 – Graphical representation of the He-Hutchinson criterion and example debond 

length following crack deflection. Schematic reproduced and  modified with permission from ref. 

[93], copyright Springer Nature 2004. 
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The criterion discussed here is simplified, while further evaluations have looked at deflection 

sensitivity to the mismatch parameter β, the phase angle and fracture mode mixing at the crack tip, 

and interface anisotropy [46], [116]–[120]. These considerations have shown influence on the 

characteristics of doubly deflected cracking and allowable HH criterion ratio limits. Continued 

refinement of these physics models matched with experimental validation of the intrinsic material 

properties will be key to model development, fidelity, and composite predictability.  

The CG model evaluates crack extension as a function of the stress state at the crack tip [112], 

[121]. It is shown that under uniaxial applied stress σa, the stress state at the crack tip is polyaxially 

and there exists a stress intensity ahead of and perpendicular to the applied stress, σrr/σa. Figure 

3.11-A plots σrr/σa and the intensity parallel to the applied stress, σzz/σa for a semi-elliptical crack in a 

homogeneous material. The peak value for σzz and σrr occur at different distances ahead of the crack 

tip and is dependent on the crack tip radius ρ. This has implication on crack tip interaction when 

approaching an interface. If an interface is perpendicular to the main advancing crack, it can 

debond ahead the crack tip if the interfacial tensile strength is less than the fiber material. Cook 

and Gordon estimated that an interfacial strength of one-fifth of fiber strength or less is required 

for debonding at interface in front of the crack tip. Ultimately, deflection of the main crack results 

from coalescence with the interfacial crack which has been observed on several material 

combination [122], exemplified in Figure 3.11-C. 

However, similar to the HH criterion, the elastic properties of the interfacing materials change 

the shape, magnitude, and distance ahead of the crack tip for the respective stress intensities. To 

address this, a finite element method (FEM) was carried out to evaluate the ratio of peak σrr/σzz as 

a function of elastic mismatch, assuming equivalent Poisson’s ratio. Thereby, when σzz = σf and 

σrr  = σi , where σf  and σi  are the critical fracture strength of the fiber and interphase respectively, 

then the stress intensity ratio curve evolves to describe a mechanism map defining regions of 

propagation and deflection, shown in Figure 3.11-B. This model has an advantage of being able to 

capture the stress field of the crack tip as it approaches multilayer interphases, again providing a 

more mechanistically sound argument for deflection. Since the moduli and fiber strength are 

typical known or estimated with reason, this map provides design input to estimate σi.  

 

Figure 3.11 – A) Stress intensity at the crack tip (d=0), showing the relative mode I intensity 

parallel with the applied stress (zz) and perpendicular to the applied stress (rr). B) CG master 

curve comparing ratios of the critical fracture strength and elastic moduli of the fiber and 
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interface. The region above the curve denotes crack propagation through the fiber and below 

allowing for deflection. C) Schematic of deflection mechanism where interfacial debond is 

observed ahead of the crack tip that then coalesces, reproduced with permission from ref. [45], 

copyright John Wiley and Sons 2014. Images A and B reproduced from ref. [112], copyright 

Elsevier 2007.  

 

It should be noted that neither the HH nor CG models are explicitly incorporated into the 

current analytic models to predict composite behavior, most assume deflection occurs. In the case 

of energy-based models, the HH master curve provides an upper bound interfacial debond energy, 

𝛤i, for which the rest of the model is built on, where deflection is assumed and 𝛤i, is simply 

incorporated to define deflected crack extension. Therefore, the relevant property ratios for mode 

I interface fracture energy and strength are most useful from composite design perspective to tailor 

microstructure to achieve the strongest interphase that still allows for crack deflection. This 

requires a fundamental understanding of the microstructure and corresponding mechanical 

response of the respective materials. Additionally, provided the fundamental structure -property 

relationships, the deflection models themselves can be re-evaluated to see that the master curves 

indeed capture deflection and propagation accurately. 

Once the crack has deflected, the propagation and debond length along the fiber is governed 

by intrinsic mode II shear strength properties of the interface [46], [93], [123]. The debond length 

along the fiber is a critically important parameter that drives most of the analytical efforts for 

composite modelling [113], [124]–[127]. This debond length contributes to the composite 

performance by defining microcrack density and total surface area along which frictional pullout 

and crack wake resistance occurs. A schematic of the contributing phenomena around crack 

deflection for a unidirectional composite is shown Figure 3.12-A. Depending on the debond energy 

and friction along the wake of the deflected crack, different modes of interfacial slip have been 

proposed. Some models resolve the effects of reverse slip regions and oxidation slip regions during 

composite unloading [93], [128]. In the case of very weak interfaces it is inferred that entire 

debonded length slides back when unloading. For large debond energies, it is expressed that the 

reverse slip region is reduced to partial debond lengths. This has implication for fatigue and 

lifetime response of the composite [129]. Adjusting the interface properties and interphase 

architecture to tailor the debond length is essential in composite optimization. Short debond 

lengths, characteristic of a stronger interface, lead to high strength and high toughness composite 

via matrix load sharing and increased microcrack density respectively.  However, if too short, the 

localized stress of the crack tip is not dissipated, resulting in fiber overload and fracture that 

reduces toughness and composite reliability. Long debond lengths, characteristic of a weaker 

interface, provide enhanced toughening through extended fiber pullout. However, this increases 

the loaded fiber volume and probability of fiber failure, thereby reducing the ultimate tensile 

strength of the composite. For most applications, it is generally accepted that there is an optimal 

debond length that allows for even load distribution by the fiber and matrix [45], [93], [124], [130]. 

In this state, energy dissipation by way of multiple matrix cracking and frictional energy are 

optimized without overcompensation, allowing for balanced macroscopic strength, toughness, and 

predictability. Figure 3.12-B shows a qualitative interpretation for fiber/matrix load sharing as a 

function of debond length [45]. An ideal distribution may occur when the debond length matches 

the fiber/matrix stress intersection, where the stress is shared equally outside of the debonded 

region. However, the fiber/matrix stress intersection shifts depending on the several characteristics 
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including elastic property ratios of the fiber versus the matrix, frictional sliding resistance in the 

deflected crack wake, and extrinsic parameters such as residual clamping stress and porosity. 

Thereby, the optimized debond length will vary for different composite compositions and 

fabrication parameters.  

  

Figure 3.12 – A) Schematic of growing matrix crack with fiber bridging. Different mechanistic 

phenomena are expressed from crack deflection to crack wake resistance, to fiber pullout. 

Reproduced with permission from ref. [93], copyright Springer Nature 2004. B) Schematic 

displaying the load sharing characteristics between a fiber and the matrix on a bridged microcrack 

as relative to two different debond lengths [131].  

 

These mechanistic phenomena at the interphase and their relationship to macroscopic behavior 

have mostly been validated through examination of unidirectional minicomposites [125], [132]–

[135]. These composites are considered as a representative unit cell providing insight to myriad 

composite responses including microcracking, fiber failure and their dependence on interfacial 

phenomena.  

Modelling of CMC’s has progressed significantly with both analytical and numerical methods. 

Robust analytic evaluation built up from the aforementioned mechanisms were fully established 

by the mid 1990’s and are summarize in detail by Evans [93]. Continued evolution of these 

methods with experimental support has been extended to capture a variety of additional 

phenomena. For example efforts were made to take into account effects of the fiber radial 

expansion using Coulomb friction laws during pullout [136], [137]. These models follow energy-

based criterion for damage evolution without explicit incorporation of composite architecture and 

defects, drawing complex relationships between the constituent fracture energies to the stress-

strain behavior of the composite. As a result, interface behavior is generally reduced two 

parameters: the interface fracture involves a debond energy, 𝛤i, and the sliding along the damaged 

interface is controlled through an interfacial shear stress (frictional resistance), τs, that can be 

described at various degrees of approximation [129], [134], [138]. This allows constitutive 

relationships to scale up from interface mechanisms to composite stress strain behavior. However, 

many assumptions are made along the way and the constituent properties are challenging to obtain 

with confidence. It should be noted that there are many other factors also incorporated such as 
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fiber fraction, and misfit stress due to roughness and thermoelastic mismatch. As a result, these 

models typically adjust the interface sliding stress until the model behavior matches experimental 

results. Although this provides a way to predict and draw conclusions across different composite 

types, it does not provide a reliable path to interphase optimization or to predict the composite 

behavior without having already tested it. In this context, some models also evaluate fatigue life 

via an evolving interfacial shear stress and its relationship to fiber strength degradation [129], 

[139]. The relationship for the shear stress evolution has been introduced for cyclic behavior and 

takes form as  

𝜏−𝜏𝑜

𝜏𝑠−𝜏𝑜
= 1 −  𝑒𝑥𝑝 (−𝜔𝑁𝜆)            3-6 

 

where τo is the starting value at first cycle, τs is a steady state value observed as a plateau in 

hysteresis loop width behavior during minicomposite testing, ω and λ are numerical coefficients 

for the cycle number, N. Again, deconvolution of the respective shear stress parameters from the 

minicomposite hysteresis testing remains challenging. Although these models have found some 

success in reproducing composite behavior, the degradation relationship still lacks microstructural 

and mechanistic information. 

Numerical modeling attempts to match composite behavior by assigning constituent scale 

properties to a representative composite architecture such that damage evolution can evolve [140]. 

FEM models are advanced in capturing the fiber architecture by way of tomography 

reconstructions and randomization routines of fiber distribution [141]. Damage evolution is then 

explored by way of extended finite element methods (XFEM) and cohesive zone models and 

shown promising results [117], [142], [143]. However, accurate and microstructurally informed 

input properties are still lacking. Especially frictional behavior in the wake of crack, and any 

degradation of this friction parameter over lifetime is further neglected. This is simply because 

experimental property-relationships do not exist. Like the analytic models, FEM models can vary 

their interface parameters until they are matching composite behavior but lack true predictive 

behavior without reliable and extensive property inputs.  

In both cases, conventional model inputs include an interfacial sliding or debond parameter, τ, 

ranging from 0-200 MPa and interfacial debond energy, 𝛤i, ranging from 0-5J/m2. These are 

chosen based on the allowable values for deflection (from HH) considering a known fiber fracture 

energy and/or from experimental values from fiber push-out and minicomposite hysteresis tests, 

see Table 3.2. The end goal is to accurately represent deformation behavior and capture damage 

evolution. These damage characteristics ultimately drive load distribution and are relevant to 

lifetime predictions. Reliable and microstructurally informed interfacial properties would allow 

for model development and improved fidelity for prediction and design.  

Composite optimization is ultimately driven by the desired mechanical response for a given 

application. Thereby, significant importance is placed on the ability to adjust and understand the 

composite stress state and interface properties that allow for desired toughness and ultimate 

strength. This includes understanding and capturing both intrinsic and extrinsic influences of the 

interphase. Extrinsic parameters include residual clamping stresses (σR) that are dependent on 

constituent thermo-elastic properties, fiber roughness to interphase thickness, and irradiation 

induced swelling mismatch [11], [56], [57]. These clamping stresses can increase shear strength 

and shear sliding resistance, thereby reducing debond length and impacting load distribution. 

Intrinsic properties of the interphase include microstructural anisotropy, fracture energy release 
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rate, debonding shear strength, and relevant coefficient parameters that capture the dependence on 

σR for bonded (μi) and debonded (μk) interfaces [93], [109], [120], [144]. Many of these properties 

and parameters are interdependent. Without fundamental quantification of the intrinsic properties 

as a function of extrinsic stress state, as well as qualitative verification of resulting debond 

mechanisms, it becomes difficult to create a comprehensive model that incorporates the 

appropriate assumptions to predict failure from the constituent scale and up. This discussion on 

composite toughening mechanisms and the associated physics models as they relate to bulk 

composites behavior has been extensively analyzed, and more detailed discussion can be found 

elsewhere [46], [85], [93], [105], [109]–[111], [113], [117], [140], [143], [145]. 

3.2.3 Interphase properties 

From the discussion above, it is reasonable to summarize CMC toughening into three primary 

stages of interphase-dependent mechanisms: 

i) Matrix microcrack evolution and crack deflection at the interphase for crack bridging 

ii) Deflected crack propagation and load redistribution leading to multiple matrix cracking 

iii) Frictional energy dissipation along deflected crack wake and during fiber pullout 

Accordingly, interphase properties beyond the typical shear stress parameter and debond 

energy used for modelling are proposed for each stage: 

i) The mode I tensile strength (σi) and fracture energy release rate (ΓI-i) as it relates to the 

CG and HH criterion ratios respectively 

ii) The mode II shear strength (τf) as a function of the fundamental debond strength (τd) 

and dependence on residual clamping stress defined as the internal friction coefficient 

(μi), and mode II fracture energy release rate (ΓII-i).  

iii) The dynamic friction (μk) with dependence on cycling (N) as it relates to the shear stress 

(τs) commonly applied in analytical models.   

Crack path selection as it relates to stage i) and ii) are intimately tied with the interphase elastic 

modulus. Additionally, the shear strength and total friction resistance are influenced by the residual 

clamping stress which depends on the elastic modulus. Considering this, having detailed 

understanding of the interphase elasticity is critical. Figure 3.13 is a schematic that illustrates the 

contributing properties as they relate to the respective toughening mechanisms in a strained 

composite. Generally, stages i), ii), and iii) occur in succession, however this schematic represents 

all stages in a single frame. It can be noted that stage ii), and resulting debond length, is intimately 

tied with frictional resistance of stage iii). Friction behind the crack tip shields stress and limits the 

amount of propagation, thereby impacting stress distribution and matrix crack spacing.  
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Figure 3.13 – Three stages related to CMC toughening and the fundamental governing interface 

properties; i) ΓI-i  and σi, ii) τd and μi, and iii) μk. Extrinsic influences such as fiber surface 

roughness, interface thickness, and residual clamping stress (σR) are illustrated [131]. 

 

Experimental extraction of each property is critically important to the advancement of 

governing analytic and numerical models. Property extraction that accurately represents the 

interphase as it exists within the composite has posed significant challenges. The first challenge is 

simply length scale. Fiber interphases can be on the order of tens to hundreds of nanometers, 

making even standard small-scale testing techniques such as nanoindentation a difficult task. 

Additionally, complex geometries associated with fiber weave, fiber diameter, and fabrication 

processes can complicate and influence the repeatability and data analysis required for property 

extraction. To date, several test methods and analysis techniques have been developed to probe the 

interface while attempting to adjust for these challenges. The most common and direct technique 

is fiber push-out and push-in testing. Other techniques include downscaling of bulk monolithic 

properties, as well as indirect extraction through detailed evaluations of hysteresis tensile test data 

and fracture characterization. The latter requires interpretation of data and phenomena related to 

loading/unloading hysteresis loops, saturation microcrack spacing, matrix cracking stress, 

permanent strain, and residual crack opening [93], [109], [146]. Both push-out testing and indirect 

extraction techniques exhibit a wide range of complexities. Table 3.2 is a collection of relevant 

interface values for nuclear grade composites obtained experimentally in these ways, and 

conventionally used for model input. It can be noted that these values show a large range and are 

not well linked to microstructural information. Push-out testing is currently the most direct and 

widely accepted method to probe this interphase and is discussed further for context to the need 

for more fundamental approaches.  
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Table 3.2 – PyC interphase properties from traditional extraction methods 

Material/sample Test method Property  Reference 

Stage i (deflection)    

  ΓI (J/m2)  

Monolithic PyC 

 

Interphase PyC 

 

KIC test 

 

Permanent strain & 

Residual crack opening 

~21-34 

 

~2 

~0-5 

[147], [148] 

 

[85] 

[93] 

Stage ii (debonding)    

  τf (MPa)  

HNLS/PyC/CVI 

 (PyC~50-150 nm)  

 

 

 

 

 

SA3/PyC/CVI 

(PyC~50-150 nm) 

Push-out 

 

 

 

 

 

 

~267 

~208 (0.8dpa 380C) 

~350 

~71-212 

~105 

~5-400 

 

~200-450 

~60-120 

[11] 

[11] 

[26] 

[149] 

[150] 

[151] 

 

[149] 

[152] 

Stage iii (pullout)    

  τs (MPa)  

HNLS/PyC/CVI 

 (PyC~50-150 nm) 

 

 

 

 

 

 

SA3 /PyC/CVI 

(PyC~50-150 nm) 

 

Push-out 

 

~338 

~63 (0.8dpa 380C) 

~100 

~90-270 

~160-273 

~13-37 

~300 

 

~100-180 

[11] 

[11] 

[26] 

[109],[102] 

[153] 

[149] 

[154] 

 

[149] 

HNLS/PyC/CVI 

(Treated fibers) 

(PyC~50-150 nm) 

 

Minicomposite hysteresis  

loop width and 

microcrack spacing 

~1-200 

~50-370 

~190-370 

~9-33 

[93] 

[109],[155] 

[153] 

[56] 

 

3.2.4 Fiber push-out testing 

The fiber push-out test is a well-documented testing method across the composite literature, 

allowing direct measurement of the interfacial strength and sometimes friction between fiber and 

matrix after debonding [156]. At first guise, the process for property extraction is quite simple with 

first preparing a thin sample with fibers orthogonal to the polished surface, then apply micro/nano 

indentation to the end of the fiber to record the failure followed by fiber sliding. Dividing through 

by the fiber surface the respective shear and sliding strength can be determined. 
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 If a normal stress at the fiber surface is known, then the friction coefficients associated with 

debond and sliding can be consequently resolved. However, both the experimental execution and 

physics models for property extraction impose complexities that have led to data scatter and 

property misrepresentation. During testing, it is observed that steady state debonding occurs along 

the interface until the applied force causes instantaneous failure across the remaining bonded 

length. A visual representation of this phenomenon can be found in figure 2 of Rebillat’s work 

[153]. Not only has the prediction of the steady state debond length proven difficult, but there are 

many factors that affect the debonding phenomena [109], [110], [136], [153], [157]. The most 

prominent are the Poisson and roughness effects along the length of the fiber. Rigorous shear lag 

analyses carried out by Shetty, Lawrence, and Hsueh [136], [156], [157] have laid the foundation 

for understanding these effects, and have established appropriate elastic models to describe the 

local stress states. The analyses describe how Poisson and roughness characteristics give rise to 

variable axial force along the length of the fiber, resulting in large shear and normal stresses near 

the point of indentation. Relatively complex analytical solutions to the applied elastic model were 

developed for effective property extraction. Although theoretically sound, simplifying 

assumptions were indeed placed [157], and experimental data scatter has been consistently 

observed, see Table 3.2, limiting confidence in the extracted properties.  

Beyond the complexities in property deconvolution, experimental execution of push-out 

testing presents its own set of difficulties and limitations. For example, while large fibers of 

>100µm diameter may be easily tested using a universal testing machine and a flat punch, the 

accuracy of alignment needed for the typical fiber diameter of <10 µm in SiC/SiC composites is 

only achievable using micro-mechanical testing methods such as nanoindentation and precise 

positioning stages. As noted in the work of Rebillat et al., [151] and Mueller et al., [150] this then 

leads to difficulties in producing and handling very thin sections of composite suitable for push-

out testing, where the final thickness must be accurately known. An additional difficulty here is 

that the physics models assume that fibers are orientated perpendicular to the polished surface 

without sub-surface deflection. In practice this may be difficult to achieve or verify and care must 

be taken that fibers oriented at oblique angles are not considered. In addition, the presence and 

variation of defects along the interphase may contribute significantly on the scattering of the results 

as described in detail below.  

A related consideration is that the type of indenter tip used to perform the test can have a 

significant influence on the obtained results. Sharp Berkovich indenter tips are a common type 

used in indentation experiments [26], but there are several disadvantages to this approach for push-

out tests. First, the tip causes deformation and penetrates the fiber before pushing it out which must 

be accounted for during analysis, adding uncertainty. Second, due to the high stress field under the 

tip, fracture of the fiber can occur before debonding and cause wedging effects in the fiber channel, 

this can be seen in Figure 3.14-A. Third, due to the low aspect ratio of such tip geometry only a 

small push-out depth can be obtained before deformation of the surrounding matrix occurs. 

Damage to the surrounding matrix after full displacement will impact push-back tests that aim to 

extract the debonded frictional properties by pushing the debonded fiber (of the original push-out 

test) back into the matrix from the backside of the sample. As such it is generally perceived that a 

flat punch type indenter is preferable to reduce material impression and potential wedging. 

However, this comes with its own disadvantages. As seen in the work of Mueller et al [150] if 

either the flat punch or sample is not perfectly flat, a true flat contact will not be made and result 

in similar bedding effects to that of a sharp indenter discussed above. Another disadvantage is that 
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the calibration required to assure microscope to indenter alignment is more challenging. This can 

result in inaccurate placement of the indentation as seen in Figure 3.14-A, as well as slower testing 

yield and throughput. 

A final consideration when interpreting fiber push-out data is the effect that local 

microstructure can have on measured results. Mueller et al., found that the number of fibers 

surrounding the pushed fiber could have a significant effect on the measured interfacial shear stress 

[150]. Furthermore, because the fiber is fully imbedded in the matrix, characterizing defects such 

as voids, contamination, and non-uniform interphase deposition is extremely difficult. Figure 3.14-

B is a scanning transmission electron microscope image of a thin foil that contains the interphase 

of two separate fibers (far left and far right). The fibers, imbedded less than 15 μm apart in the 

matrix, exhibit significantly different levels of contamination at the interphase as well as axis 

alignment.  

   

 

Figure 3.14 – A) Cracking of fiber before push-out and observation of indenter tip misalignment 

B) Transmission Electron Micrograph of two fibers 15um apart from each other embedded in the 

same matrix. The interphase has different defect structures that are likely to cause difficulties 

without testing and data interpretation. Figures adapted from ref. [131]. 

 

To overcome the associated challenges with fiber push-out and to explore all properties of the 

three-stage model described in Figure 3.13 at their engineered length scale, small-scale mechanical 

testing (SSMT) is proposed as a solution. SSMT combined with microstructural analyses can 

address the challenges associated building proper structure-property relationships for integration 

into models. A variety of SSMT techniques to extract useful material properties have been 

successfully applied to brittle ceramics [158]–[161]. However, only recently have researchers 

applied SSMT to CMC interface property characterization. Shih et al., first applied micropillar 

compression to the SiC/PyC/SiC interphase in 2013 [162], followed by recent works by Kabel et 

al [131], [163]. This dissertation advances this methodology, incorporates other methods not 

previously explored on CMCs, and develops a new method to explore cyclic friction behavior. 
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3.3 Applicability of small-scale mechanical testing 

 

As a field of study, SSMT has grown exponentially in the last two decades. Unique material 

insights from micro and nanoindentation drove interest to develop new techniques further 

illuminate mechanical behavior at the constituent scale. In the early 2000’s, following the advent 

and utilization of (primarily gallium ion (Ga+)) focused ion beam (FIB) machining for small-scale 

structures, researchers looked to explore material response under nominally uniaxial and 

simplified beam bending conditions [164], [165]. This opened the door to refined exploration of 

deformation mechanisms and strength properties across myriad microstructure characteristics 

from dislocation density to grain boundary interfaces to helium bubble networks of in nuclear 

steels. These methods were further developed by micro-electro-mechanical system (MEMS) field 

for proper structure characterization at their operating length scale. Today, MEMS themselves 

even act as actuating devices to explore their own properties [166], [167]. These techniques also 

grabbed the attention of the nuclear industry, where reducing sampling size meant more utilization 

of the limited irradiated materials inventory and reduced radiological exposure for the people 

investigating these materials [168]. Furthermore, ion beams irradiation experiments have become 

increasingly popular as a surrogate for neutron irradiation damage [169]. Because ions have a 

much larger interaction cross-section compared to neutrons, these experiments result in a damage 

layer on the order of microns. Small-scale mechanical testing has thereby provided unique access 

to the resulting mechanical behavior in these zones [170]. 

The most established small-scale method has been micropillar compression. Through this 

technique, many of the challenges around small scale experimental set up and interpretation of 

results were established. As is the case in any emerging field, there has been significant discussion 

around the validity and meaningfulness of the observed phenomena. These discussions are 

centered around size effects on the properties and deformation mechanisms [171], Ga+ ion surface 

implantation and damage [172], and test configuration relating to alignment and stress state. These 

are further divided with respect to differences between ductile and brittle materials, as well as 

strength versus fracture toughness measurements [159]. Regarding material type, the size effects 

express the same trend: increasing resistance to failure with decreasing size. For metallic systems 

this is related to dislocation starvation by which dislocations are not available for typical plastic 

deformation. As a result, they must be nucleated from the pillar surface or other lattice defects 

which can require significantly increased stress. This size effect relationship was captured early 

on and is typically describe by a power law, shown in Figure 3.15-A for a series of FFC metals 

[171], [173]. Ceramic materials show increasing strength with decreasing size attributed the flaw 

sensitivity of brittle materials, where reducing the probed volume reduced the probability of the 

failure driving defects. This was exemplified by a size effect study CVD β-SiC, shown in Figure 

3.15-B [158]. At submicron scales, a lack of critical flaws was shown to drive dislocation motion 

for the same material. As a result, for any small-scale study needs careful interpretation of the 

stress strain behavior and relationship with the microstructure and flaw distribution. This allows 

the researcher to draw informed conclusions about the observed properties. 
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Figure 3.15 – A) Size effect strengthening in single-grained FCC metal micropillars. Normalized 

shear flow stress is plotted against specimen characteristic length (diameter normalized by 

Burgers vector), reproduced with permission from ref. [171], copyright Elsevier 2011. B) Size 

effect studying on CVD β-SiC showing a power-law strength dependence on micropillar dimeter, 

reproduced with permission from ref. [158], copyright John Wiley and Sons 2012. 

 

FIB Ga+ implantation effects have been studied extensively to define both expected 

implantation depth and Ga+ concentration as function of ion milling current and accelerating 

voltage and resulting impact of mechanical behavior. It was found that penetration depth can be as 

large as 50 nm, but glancing angle fabrication procedures and stepwise reduction in accelerating 

voltage can drastically reduce the damage layer to <10 nm, and that the resulting impact on 

mechanical strength is usually negligible for both ceramic and metallic systems [172], [174]. 

Generally metallic systems are more susceptible to influence from FIB damage as it can induce 

dislocations and even precipitates that harden the material. Concerns around FIB notching for 

fracture toughness measurement remain a concern [175]–[177]. However, even with FIB notching, 

brittle materials have shown that conventional linear elastic fracture mechanics works all the way 

down to the micro-scale, and geometric configurations with supplemented FEM have been 

developed that allow for controlled crack growth beyond the damage layer for reasonable 

extraction of a critical fracture toughness [178]–[180].  

Lastly, the mechanical test set up and structural quality of the machined structures plays an 

important role in test confidence and reliable property extraction. Indentation misalignment, 

specimen cross-sectional taper, and sources of unaccounted compliance have been shown to 

influence the stress strain curves significantly [181], [182]. However, several models have been 

developed to properly account for material strain below the structure, and the evolution of new 

indentation systems and advanced techniques have allowed for more consistent indentation 

alignment as reliable sample fabrication [183], [184].  

An excellent review of the interplay and governing micromechanical effects of across a variety 

of materials and test types is offered by Dehm et al [185]. The advancements, limitations, and 

applicability of next generation small-scale mechanical testing is explored at length. 

With these limitations considered, this dissertation draws on advanced test apparatuses and 

developed expertise to explore elasticity, strength, and friction characteristics of the SiC/PyC/SiC 

composite interphases at the micro-scale.  Because the interphases are engineered at the nano-
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micron length scale, it is thought that the flaw distribution and resulting failure behavior studied 

here represents its behavior during composite deformation. Additionally, special attention is given 

to characterizing the interphase microstructure and architecture to better qualify size effect 

assumptions and simultaneously build the structure-property relationships. Table 3.3 presents the 

proposed SSMT techniques to extract the three-stage properties outlined in Figure 3.13. 

Schematics of each test is shown. Details regarding small-scale assumptions, experiment design, 

and property analysis are discussed explicitly in their respective sections. Discussion also includes 

context for application to modeling and composite design. It is noted again that all the mechanisms 

associated with the three-stage composite toughening depend of the interphase elasticity. As such, 

micropillar compression with high resolution digital image correlation (DIC) on a thick PyC 

composite interphase was carried out to establish the elastic properties at the relevant length scale. 

Table 3.3 – Proposed SSMT techniques for interphase property extraction 

 

Interphase 

elasticity 

Stage i)            

Crack deflection 

Stage ii)                 

Crack extension 

Stage iii)                            

Fiber sliding 

Properties 

of interest 
Ei , vi 

σi

σ𝑓
 ,    

Γi

Γf

 
τf =  τd  + μi σR , 

ΓII-i 
τs = μk(N)σR 

Proposed 

method 

Uniaxial micro-

pillar compression 

with DIC 

 

 

 

 

 
 

Self-aligning 

Microtensile test 
 

Micropillar 

compression with 

inclined interphase 
 

Novel small-scale fiber 

fretting test 

 
 

Method 

Maturity 

Successfully 

captured plastic 

deformation events 

in metallic systems 

[186], [187]   

Recently developed 

with successful 

application to 

monolithic ceramics 

[188] 

Experimentally 

mature but limited 

in application to 

SiC/SiC            

[131], [162], [185] 

Research frontier 
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4 SSMT development and property extraction 

4.1 Composite samples 

 

Collectively, this dissertation presents five experiments across several composite interphase 

architectures. Some samples overlap between experiments, so it was important to introduce sample 

nomenclature, plus some general characteristics about fabrication and other studies where these 

same materials have been evaluated. This should help the reader draw comparisons and 

conclusions between the experiments presented here. 

General Atomics (GA) and Oak Ridge National Laboratory (ORNL) supplied composites 

materials for this research. Those from GA were fabricated in house while those from ORNL were 

fabricated by Hyper-Therm HTC, Inc., a wholly-owned subsidiary of Rolls Royce, PLC (RR). 

Where useful, acknowledgement of manufacturer GA or RR is denoted. One challenge across all 

experiments was the lack of deposition details. These companies have proprietary contracts around 

the exact CVI deposition parameters. Through conversation with the manufacturers, it is known 

that the SiC and PyC depositions were performed near 900-1100°C with a methane/H2 precursor 

gas mixture tailored to promote high purity SiC and highly textured PyC. Consequently, it was 

paramount that the microstructures of the interphases be well-characterized in tandem with the 

mechanical tests. This was done mostly by way of scanning electron microscope (SEM) 

observations of PyC thickness, multilayering, and inclusion defects, accompanied by high 

resolution TEM to quantify the PyC domain texture. PyC textural order and orientation relative to 

loading direction can affect the mechanical behavior. As such, the relative disorder of these 

domains was characterized by the opening angle (O.A.) from high resolution transmission electron 

spectroscopy (HRTEM) and fast Fourier transform (FFT) analysis. Texture classification proposed 

by Reznik and Hüttinger [28] includes high texture (HT, O.A.<50°), medium texture (MT, 

50°<O.A.<80°) and low texture (LT, 180°>O.A.>80°). Detailed discussion of the structures are 

reviewed in their respective sections. 

Three sample types were evaluated: single fiber composites referred to as microcomposites, 

unidirectional fiber tow bundle composites (500-800 fibers) referred to as minicomposites, and 

multi-laminate 2D woven composites referred to as such. The mini and micro composites are 

particularly interesting for small-scale testing as polishing procedures are easier to align and 

expose large sections of the interphase as desired. Representative images of these composite types 

are shown in Figure 4.1.  
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Figure 4.1 – A) Fracture cross section of  the microcomposite named H-thick in Table 4.1 showing 

uniform PyC and SiC deposition around the single center fiber. B) Stitched SEM image showing 

the entire length of the minicomposite titled S-thin in Table 4.1. C) Polished cross-section of the 

SA3_130nm sample in Table 4.1, showing large scale porosity between woven tows [58]. 

 

All composites were fabricated by CVI techniques. The PyC first layer thickness hPyC, was 

varied 30 nm -1350 nm across different composites for different interphase architectures. Images 

showing the range of interphase design are displayed in section 4.4, Figure 4.23. Three fiber types 

were evaluated here, an early generation Tyranno S and the two premier nuclear grade fiber types, 

Tyranno SA3 and Hi-Nicalon Type S. The properties and microstructure characteristics of these 

fibers were described in the background section with reference to literature descriptions 

The sample naming scheme reflects a combination of the fiber type and 1st layer PyC thickness. 

The first four samples in Table 4.1 were received as a batch set from GA and were fabricated under 

the same conditions. They are named based on the relative thickness of the monolayer PyC, e.g., 

H-thick versus H-thin. The composites evaluated for micropillar shear strength were much more 

diverse and therefore given more specific names. Some names also include reference to the 

irradiation conditions. The details of the irradiation campaigns are delineated in their respective 

sections. Table 4.1 outlines the manufacturer, composite type, fiber and interphase characteristics, 

reference to the relevant section in this thesis, as well as literature studies that have explored these 

specific composites. 

The following experiments showcase the ability for SSMT to identify structure-property 

relationships in the context of interphase dependent composite toughening mechanisms. 
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Table 4.1 – Comprehensive list of composites evaluated by SSMT 

Sample name Manufacturer 

Composite 

type Fiber type 

PyC architecture, 

1st layer hPyC (nm), 

Texture (O.A.) 

Thesis 

Section Ref. 

H-thick GA 
Micro 

composite 

Hi-Nicalon 

Type S 

Monolayer 

500 nm 

52-63 

4.3 

4.5 
- 

H-thin GA 
Mini 

composite 

Hi-Nicalon 

Type S 

Monolayer 

23 nm 

*MT-LT 

4.5 

4.5.6 
- 

S-thick GA 
Micro 

composite 
Tyranno S 

Monolayer 

1200 nm 

48-58 

4.2 

4.5 
- 

S-thin GA 
Mini 

composite 
Tyranno S 

Monolayer 

11 nm 

*MT-LT 

4.5 

4.5.6 
- 

SA3_70nm RR 
Mini 

composite 
Tyranno SA3 

Monolayer 

70 nm 

70-90 

4.4 - 

SA3_130nm GA 
2D woven 

composite 
Tyranno SA3 

Monolayer 

130 nm 

60-90 

4.4 

[58], 

[152], 

[189] 

SA3_720nm GA 
2D woven 

composite 
Tyranno SA3 

Monolayer 

720 nm 

*MT-LT 

4.4 - 

SA3_30nm_granular RR 
2D woven 

composite 
Tyranno SA3 

Multilayer 

30 nm 

*MT-LT 

4.4 [10] 

SA3_150nm_granular GA 
2D woven 

composite 
Tyranno SA3 

Multilayer 

150 nm 

*MT-LT 

4.4 [152] 

SA3_55nm_4.5dpa_716°C GA 
2D woven 

composite 
Tyranno SA3 

Monolayer 

55 nm 

*MT-LT 

4.4 - 

HNLS_40nm RR 
2D woven 

composite 

Hi-Nicalon 

Type S 

Multilayer 

40 nm 

*MT-LT 

4.4 [10] 

HNLS_150nm RR 
2D woven 

composite 

Hi-Nicalon 

Type S 

Monolayer 

150 nm 

*MT-LT 

4.4 [27] 

HNLS_1350nm RR 
Mini 

composite 

Hi-Nicalon 

Type S 

Monolayer 

1350 nm 

*MT-LT 

4.4 - 

HNLS_40nm_0.97dpa_350°C RR 
2D woven 

composite 

Hi-Nicalon 

Type S 

Multilayer 

40 nm 

*MT-LT 

4.4 [10] 

HNLS_150nm_11.8dpa_280°C RR 
2D woven 

composite 

Hi-Nicalon 

Type S 

Monolayer 

150 nm 

*MT-LT 

4.4 [27] 

*Estimated based on collective TEM analysis  
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4.2 Young’s modulus and Poisson’s ratio of CVI PyC: DIC micropillar compression 

4.2.1 Introduction 

Knowledge of the elastic properties of the interphase is critical in any effort to predict 

composite behavior. This is true whether considering models for interfacial crack deflection or 

evaluating component-scale stress and strain distribution. 

CVI PyC can be described as a stochastic arrangement of graphite planes, organized in 

nanometer scale domains that are, on average, stacked parallel to the deposition surface, the fiber 

in this case. Typically, fiber surface roughness results in a texture gradient [104] that may influence 

the local properties. The relative disorder of these domains is most commonly characterized in 

terms of the opening angle (O.A.), obtained using transmission electron microscopy (TEM) 

selected area diffraction (SAED) and fast Fourier transform (FFT) analysis of high resolution TEM 

images (HRTEM). Texture classification proposed by Reznik and Hüttinger [28] includes high 

texture (HT, O.A.<50°), medium texture (MT, 50°<O.A.<80°) and low texture (LT, 

80°<O.A.<180°). Many methods have been explored to evaluate the Young’s modulus of PyC 

including macroscopic tensile, compression, and resonant spectroscopy methods [67], [190], 

[191], as well as microscale nanoindentation and microcantilever bending [192], [193]. However, 

finding a direct link between the texture and resulting elastic properties has proved challenging 

[72]. 

It can be useful to discuss the elastic constants of PyCs with those of graphite, where O.A. 

approaches zero. As a transversely isotropic material, graphite expresses a high degree of 

anisotropy where Young’s Modulus varies from Ex ~1000 GPa in the basal plane direction to Ez ~ 

25 GPa normal to the basal planes. However, most experimental results for PyC find values for 

both in plane (Ex) and out of plane (Ez) ranging from ~5-50 GPa, regardless of experiment type 

and graphitic domain orientation [67], [193], [194]. A few studies have been able to extract 

properties that align closer to the predicted in-plane values reaching ~100-300 GPa [191], [195]. 

The variability between experiment type, and often muted dependency on graphitic orientation, 

becomes particularly concerning when evaluating models for microscale features such as the 

interphase where hPyC < 1 μm for SiC/SiC composites.  

Typically, nanoindentation has been used to evaluate PyC at this length scale. While 

nanoindentation should be an ideal technique to determine the elastic constants with high spatial 

resolution, pyrolytic carbon exhibits nearly reversible, elastic nanoindentation response making it 

challenging to apply analysis methods that were originally developed for plastic materials. Several 

researchers, summarized by Gross et al., have explored new models to capture the true contact area 

and elastic response [192]. It was concluded that measurements in the E3 direction were considered 

valid as it was possible to match expected properties, while measurements in the Ex directions were 

misleading due to nano-buckling mechanisms. It was shown that sharp indenters can also cause 

complex stress states that promote plane rotation with accompanied basal plane slip and nano-

buckling [72], [194]. These mechanisms in conjunction with in-plane defects such as cross-linking 

and interstitials are suggested to be responsible for the low moduli, hysteresis, and anelastic 

recovery [72], [196]. Because the anelastic behavior is observed regardless of basal plane 

orientation, it is suggested here that the observed moduli are not only a measurement of the 

interatomic bond stretching (both covalent and Van der Waals for PyC), but likely significantly 

underestimated because of the basal plane slip and buckling effects. Figure 4.2 shows typical 
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anelastic indentation curves normal and parallel to the plane for different indenter types, adapted 

from Gross et al. [192].  

 

Figure 4.2 – Nanoindentation curves for PyC orthogonal and parallel to the average basal plane 

orientation. Indenter tips express reducing stiffness with increasing sharpness. Anelastic behavior 

is also observed in showing hysteresis typically attributed to energy loss from frictional sliding 

between graphite planes. The general trend suggests that sharper tips reduce stiffness. Reproduced 

and adapted with permission from ref. [192], copyright John Wiley and Sons 2012. 

 

These experimental complexities have spurred alternative efforts to estimate elasticity building 

up from the nanoscale structure [67], [68], [197], [198]. The overarching procedure has been to 

leverage HRTEM micrographs to reconstruct a descriptive microstructure that can be modelled at 

the atomic level or have an elasticity tensor projected on to it. Böhlke and Lin approached the latter 

via O.A. and a local binary pattern (LBP) segmentation algorithm to define plane and domain 

orientation distribution functions (PODF & DODF) respectively. Given the stochastic distribution, 

elasticity tensors from macroscopic ultrasound phase spectroscopy of graphite and PyC could be 

homogenized based on the relative texture. Farbos et al., developed atomistic reconstructions of 

HRTEM for integration into molecular dynamic (MD) simulations [66]. Units cells up to ~12 nm 

edge length were created for pure graphite as well as two texture domains, rough and regenerative 

lamellar (RL & ReL), both considered HT in the O.A. classification scheme. The RL and ReL cells 

consisted of nanosized graphene domains with boundaries consisting of lower order rings 

structures as well as sp3 interplanar cross-links. These are the typical defects associated with 

domains observed in the TEM. The efforts by Lin and Farbos effectively evaluated the elastic 

behavior of a single domain. They found strikingly similar values for all the elastic constants 

except C33 where the MD simulation showed ~30 GPa and the DODF estimated ~90 GPa. 

Reasoning for this discrepancy was not well understood, but both length scale and boundary 

condition assumptions may be playing a role. The Böhlke model evaluates the PODF across all 

domains in the 50x50 nm2 HRTEM images for different textures (LT, MT, and HT). Ultimately, 

the analysis provides a homogenized elasticity based on the relative contributions of the 

experimental elastic constants (determined macroscopically with ultrasound phase spectroscopy 

[71], [190]) as a function of the loading direction, β. Figure 4.3 summarizes the model bounds with 
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an estimate for the mean modulus (HS-mean) plotted versus β, where 0° and 180° represent loading 

normal to the average basal plane orientation and 90° is in-plane for MT PyC. 

 

Figure 4.3 – Homogenized elasticity for MT PyC based on macroscale elastic constants projected 

onto nanoscale PyC domains by a stochastic domain orientation distribution function. Anisotropy 

is dulled and modulus value is larger than most experiments. Reproduced and adapted with 

permission from ref. [197], copyright John Wiley and Sons 2012. 

 

It was found that the degree of anisotropy as a function of β is reduced by more than 80% 

compared to the expected relationship of Ex and Ez of graphite. This may explain the muted 

dependency on textural orientation observed across the experimental test methods. It should also 

be noted the modulus values here are several factors larger than many experiments. Generally, this 

discrepancy is attributed to large scale softening phenomena such as porosity for bulk scale 

tensile/compression and resonant spectroscopy [193], [197], [199], and nano-buckling or basal 

plane slip mechanisms in the case of nanoindentation [194]. The advancement of these models 

may provide a new path for mapping the true effects of texture and defects on elasticity, thereby 

improving composite design and constituent-based modelling. The goal of this effort is to provide 

an experimental pathway to help refute or validate the small-scale elasticity models. 

This study combines micropillar compression and in situ SEM digital image correlation (DIC) 

for novel evaluation of elastic properties across the SiC/PyC/SiC interphase. The micropillar 

geometry and test conditions provide an idealized uniaxial stress and direct line-of-sight 

monitoring of the textured PyC at the microscale during testing. The test geometry is achieved by 

FIB fabrication normal to the longitudinal axis of the fiber. These composites are typically 

infiltrated adhering to deposition parameters that promote graphitic texture parallel to this axis. 

This means the average PyC domain is oriented parallel to the fiber, and perpendicular to the 

loading direction. The O.A. texture from HRTEM provides insight to the distribution of orientation 

of local domains and (002) fringe tortuosity. Ultimately, this study provides direct values for E 

and v with compression orthogonal to the average basal plane orientation as a function of PyC 

microstructure.  
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4.2.2 Experimental 

Sample fabrication and testing was investigated on the S-thick microcomposites described in 

the section 4.1 on materials. This sample was chosen for easy access to the thick and uniform 1.2 

μm PyC that is clearly visible in the SEM. The Tyranno S fiber has E ~ 200 GPa [32], [48] and 

CVD β-SiC E~460 GPa [13]. The sample was mounted on an aluminum SEM stub with 

thermoplastic mounting adhesive and polished with a 3 μm diamond lapping film using water 

lubricant in a Leica EM TXP micro-polishing instrument. The integrated stereo microscope 

allowed the polishing to continue until the fiber was exposed.  

On the polished surface two ~2.5 x 2.5 μm2 square cross-section micropillars with height to 

width ratio ~2:1 were fabricated using a 30 keV gallium FIB-SEM workstation (LYRA, Tescan, 

Brno, Czech Republic). The cross-section dimensions kept peak-to-valley fiber curvature less than 

100 nm and is considered negligible for elastic modulus evaluation. The structures were milled to 

contain the PyC interphase at the center height of the pillar. Fillets with 1 μm radii were also milled 

at the pillar base to promote uniform stress gradients and reduce sink-in effects. Course and fine 

milling were carried out at 10 nA and 0.25 nA respectively. Pillars 1 and 2 are shown in Figure 

4.4-B. 

Compression testing 

In situ compression was applied in the Z-direction with a 5 μm diamond flat punch in an 

Alemnis standard assembly nanoindenter (Alemnis AG, Thun, Switzerland). Testing was 

performed in displacement control at 5 nm/s. Each pillar was incrementally loaded and fully 

unloaded following 50 nm steps from 100 nm to 300 nm total indenter displacement. Pillar 1 saw 

two additional steps to 400 nm and 500 nm. Each unloading step took the indenter tip completely 

out of contact with the pillar while each load step was held at constant displacement via an integral 

gain feedback loop. At each step, two 512×512 px2, 320 μs-px-1 dwell, high-resolution SEM 

images were taken; one with the SEM raster direction parallel to the Z axis, and another with 90° 

scan rotation and raster direction parallel to the X axis. This was done because it has been found 

that strain mapping is more accurate when evaluated in the raster direction. SEM images were 

taken at 40kx magnification achieving 7.05 nm-px-1 resolution. The axial displacement, δz, of the 

pillar was processed with Alemnis software to subtract out known machine compliance as well as 

account for pillar sink-in following the Zhang-Sneddon model for pillars with fillet radii at the 

base and assumed a continuous 3D substrate [181], [183]. It should be noted here that the pillars 

were fabricated in a way that the substrate material in the front and behind the pillar was removed, 

leaving it effectively on a wall. This may result in a slight overestimation of strain in the pillar and 

thereby underestimation of the elastic modulus. Load drift of ~3 μN/s was found over the ~300 

second compression hold for SEM imaging and was subtracted out. Figure 4.4-A shows all 8 

loading steps with compliance-adjusted displacement for pillar 1. Step naming is outlined in the 

associated table. 
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Step 0 1 2 3 4 5 6 7 8 9 10 11 12 13 14 

State* ref L U L U L U L U L U L U L U 

Input (nm) 0 100 0 150 0 200 0 250 0 300 0 400 0 500 0 

δz (nm) 0 47 0 70 0 91 0 111 0 135 0 178 0 220 0 

*L=loaded, U=Unloaded 

Figure 4.4 – A) Test sequence of pillar 1, showing displacement steps, hold for SEM image capture, 

and unloading. B) SEM images show both pillar 1 and 2 prior to testing. The Z and X directions 

are overlaid for reference throughout the section. C) High resolution SEM image of the Pt speckle 

pattern applied to the pillar surfaces for DIC strain mapping. 

 

DIC analysis 

DIC strain mapping of the pillar surface required a high-density distribution of platinum (Pt) 

dots. These were e-beam deposited with ~40 nm diameter using an SEM gas injection system 

(GIS). The beam parameters, bitmap pattern, and analysis methodology followed that of previous 

research [200], [201]. Pt dots are assumed non-deformable. The strain analysis was carried out 

using commercial software (DaVis, LaVision). Image filtering was required to normalize the 

brightness/contrast and bring out the speckle pattern with uniform grayscale, shown in Figure 4.5-

C. The images were ordered in the software following the test sequence and then shift and rotation 

correction to map the speckles from image to image. Mapping was done using 24×24 px2 subsets 

with 0% overlap to give a spatial resolution of 0.16×0.16 μm2. Dots at the pillar edge were 

challenging to resolve and subsets were omitted from the strain analysis. 2-D strain was then 

calculated for each subset at each step relative to the first unloaded image. Ultimately, the PyC 

thickness was described by seven 1×7 subset rows, each equating to ~0.16 μm wide and 1.12 μm 

long. Each row was then averaged to explore lateral and axial strain as a function of distance from 

the fiber surface. Row 1 is defined to be at the fiber/PyC interface and row 7 at the matrix/PyC 

interface. To quantify the precision of the software tool, two identical unstrained images were 

taken prior to testing to establish a zero-strain reference. The standard deviation was calculated by 

evaluating all 2-D strain subsets of the second image relative to first, representing noise due to 

image quality and processing. The standard deviation was found to be ± 0.002, and subsequently 

propagated through subset averaging. Raw values for compressive strain are shown in blue as 

negative but were analyzed as positive for typical stress vs strain calculations. The Pt speckle 
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pattern, zero-strain reference map, and lateral and axial strain map for the last step of pillar 1 are 

shown in Figure 4.5 with overlaid rows.  

 

Figure 4.5 – SEM images of DIC speckle pattern on pillar 1 with overlaid strain maps. The 

reference and final step are shown. Rows are dived by horizontal black lines that span the height 

of the PyC section of the pillar. The color of each subset is based on strain at its center point.  

 

Characterization 

Adjacent to the micropillars, a thin lamella was lifted from the sample to quantify the PyC 

texture as a function of distance from the fiber surface. High resolution TEM images were taken 

on a 200 kV FEI monochromated F20 UT Tecnai at the Lawrence Berkeley National Laboratory 

National Center for Electron Microscopy (LBNL NCEM). Several locations across the PyC 

thickness were evaluated with a selected area aperture of 150 μm. The images were processed with 

an auto-threshold followed by an FFT transformation using FIJI image processing software [202]. 

Each FFT was analyzed in OriginPro using the Azimuthal Average Tool to extract grayscale 

intensity of the (002) diffraction arc as a function of angle. The peaks were fit with a Gaussian and 

the O.A. was taken as the average FWHM of the two peaks. Figure 4.6 shows the HRTEM image, 

FFT, and screenshot of the parameters for OA analysis from a region at the center of the PyC 

thickness.  
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Figure 4.6 – HRTEM with observable (002) lattice fringes of PyC located near the center of the 

bond layer. B) Corresponding FFT of the HRTEM image providing basic frequency information 

on the repetition of the lattice fringes. The Azimuthal Average Tool provides a Gaussian fit to the 

FFT pattern.  

 

4.2.3 Results 

Machine output 

From the machine output, the compliance-corrected engineering stress-strain curves for all 

steps of pillar 1 and 2 are presented in Figure 4.7. The behavior is repeatable and shows limited 

hysteresis, contrary to typical observations in nanoindentation. However, a recent micropillar 

study on amorphous PyC showed some hysteresis even in the uniaxial stress state [69]. The study 

performed MD simulation with representative microstructure and defects, finding that tortuous 

graphite planes could slide and buckle, and that nanoporosity at domain junctions could collapse 

and are likely responsible for permanent deformation. This is likely what we are observing in the 

PyC of this study. The reasoning for more plasticity at in the regions of higher texture is not clear. 

It is possible that the recovery mechanism for the nanoporosity is easier achieved in more 

disordered regions. 
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Figure 4.7 – Compliance corrected stress-strain curves for pillar 1 and 2. The elastic modulus is 

extracted based on the initial 25% of the unloading curve and plotted for every other step to 

highlight the evolving modulus with increased pressure. 

 

For each step, the pillar modulus is evaluated on the initial ~25% of the unloading curve, shown 

shifted for the unloading following steps 1, 5, 9, and 13 in Figure 4.7. Pillar 1 and 2 are in 

reasonable agreement showing a dependence of total modulus on strain going from ~100 -165 

GPa. The elastic modulus for the PyC, EPyC, is extracted using an idealized spring model shown in 

Figure 4.8, where k is the constituent stiffness, h is constituent height, and the area A cancels out. 

Height dimensions and constituent moduli are tabulated, and the respective moduli for the total 

pillar and the PyC are plotted in Figure 4.8. Linear behavior is observed showing EPyC range from 

expected values ~25 GPa to upper bound values ~65 GPa. Ultimately the model assumes the 

evolving modulus is intrinsic to the PyC. DIC sheds light on this and supports the assumption. 
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Figure 4.8 – Idealized spring model with schematic and relationship between stiffness and 

modulus is outlined to calculate the modulus of the PyC. Dimensions and literature values of 

modulus for the fiber and SiC matrix are tabulated. The plot shows the trend for modulus as a 

function of applied pressure. Spring and pillar schematic courtesy of Daniele Casari (Empa Swiss 

federal laboratories). 

 

DIC 

The raw DIC data for axial strain of pillar 1 is plotted in Figure 4.9. At each step, the average 

value of a given subset row is shown. The raw data was then adjusted per two observations. The 

first was noise subtraction by zeroing the values observed around the first unload step and 

subtracting this from the other unloaded steps. The second was related to the observation of 

permanent deformation. Although some values are below the noise level (0.002), the trend of 

incremental increase of the saw-tooth baseline appears strong enough to suggest a real 

phenomenon and warrant subtraction. This is shown in Figure 4.9 for row 6 along with a strain 

map of the final unloading step showing the distribution of the permanent strain. The error bars 

shown represent the standard deviation when averaging the 7 subsets of each row. The mechanisms 

for plastic deformation may be a result of defect compression such as nanoporosity or interplanar 

slip for domain boundaries with significant basal rotation. The lateral DIC data did not show 

measurable permanent deformation, and only received initial noise adjustment. 
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Figure 4.9 – A) Raw DIC data of pillar 1 showing the average strain value for each row, at each 

loading step. B) Row 6 of pillar 1 showing progressive permanent strain evolution following each 

unloading step. Plastic strain was subtracted to capture the elastic response, shown by the red 

plot. C) Final unloading step showing strain map with plastic deformation.  

 

The processed data for the observed axial and lateral strain in pillars 1 and 2 is shown in Figure 

4.10. The axial data shows strong saw-tooth behavior with values well above the noise across 

loading and unloading steps, suggesting the data is real and accurate. The strain also has a spatial 

dependence, showing rows closer to the fiber (rows 1 and 2) having less strain than those towards 

the matrix, implying a stiffness gradient. This is similarly observed in the 2-D strain maps shown 

in Figure 4.5. Furthermore, these same data points show a slight reduction in strain over the last 

two loading steps which suggests that stiffness is evolving with increasing stress, similar to the 

observations from the machine output. The lateral strain is an order of magnitude smaller with 

significantly more scatter. However, the same saw tooth behavior of the loading schedule is 

present, and values associated with the highest loads rise above the noise threshold. Additionally, 

the lateral strain shows an increasing trend with increasing load, highlighted by a red line for 

reference. Considering this, it is likely that the values observed are real, though evaluation of the 

Poisson’s ratio should be taken cautiously. Two SEM images in the lateral strain were of noticeably 

poorer quality, highlighted by blue circles, and were hence not considered when evaluating the 

Poisson’s ratio. 
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Figure 4.10 – (Left) Plasticity-corrected DIC axial and lateral elastic strain for Pillar 1. (Right) 

Corrected DIC axial and lateral strain for Pillar 2. Red trend line follows the general evolution of 

lateral strain upon compressive loading. Blue circles highlight bad SEM images and result on DIC 

output. 

 

Data processing revealed that the boundary rows, 1 and 7, consistently deviated from trends 

observed in the more central rows. For example, strain at row 7 decreased from row 6, and hence 

deviated from the increasing trend seen moving away from the fiber. Also, the error in these rows 

was consistently larger. These artifacts are likely attributed to two processes. First, the elastic 

mismatch (stiffer SiC) at the interface can act as a constraint for material displacement, discussed 

in more detail later. The second relates to DIC processing as the edges of each subsets may partially 

overlap into the boundary SiC at the interface. In both cases, the 2-D strain output is likely to 

underestimate the true strain of the PyC due to the adjacent stiff SiC. As a result, rows 1 and 7 are 

omitted in following analyses. 

The Poisson ratio, 𝑣𝑧𝑥 =  휀𝑥/휀𝑧 is taken for all loading steps beyond the noise-normalized point 

and after the low-quality SEM images, representing a region with reasonably resolved strain 

values. Figure 4.11 presents vzx for rows 2-6 as a function of step with propagated error from the 

raw data. There is a clear trend related to location in the PyC, showing reduced vzx moving away 

from the fiber. Because there appears to be a significant lack of stress dependence as it relates to 

increasing steps, the average for each row across all stresses was taken to provide a single value. 

This is plotted for pillar 1 and 2 in Figure 4.11 as a function of row and estimated distance from 

the fiber surface. The estimated distance for a given row is assigned to the center point of the 

subset, hence equal to 0.08 μm for row one. 
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Figure 4.11 – (Left) Poisson ratio per row per step of pillar 1 and 2. (Right) Summary plot of each 

row averaged across all steps, plotted in relationship to the fiber and matrix boundary regions 

expressed in gray.  

 

The DIC strain εz is plotted versus the stress, σz, in Figure 4.12. Pillar 1 and 2 show similar 

behavior through σz < 2.25 GPa. Both show reducing modulus moving away from the fiber (row 2 

→ 6), pillar 1 shows a more pronounced trend. Above 2.25 GPa, pillar 1 shows an inflection with 

increasing stiffness. This inflection becomes more dramatic and potentially unrealistic for rows 2 

and 3 with a modulus of ~450 GPa for row 3. There are likely two factors contributing to this 

transition. The first is assumed to be a real evolution of intrinsic stiffness, observed in the machine 

output data as well, mechanisms for which are discussed later. The second is that as the intrinsic 

stiffness increases, it becomes more challenging for the DIC to resolve the resulting smaller strains 

with accuracy. This is supported by the fact that the software was unable to properly track the 

elastic strain (observe saw-tooth behavior with strain magnitude >> 0.002) for the SiC fiber (E~200 

GPa) or matrix (E~460 GPa).  If we consider the regions prior to the inflection point (loaded to 

less than 2.25 GPa), the largest modulus supporting a linear trend is observed for row 2 with E 

~150 GPa. This can be considered an upper bound limit for measurable elastic modulus given the 

experimental conditions of this study. With that considered, the moduli for each row of pillar 1 

and 2 in are fit on Figure 4.12 for σz < 2.5 GPa. Rows 5 and 6 of pillar 1 are also fit after the 

inflection region (light gray) since the modulus values are less than the defined upper bound. The 

comparable moduli are summarized and plotted with respect to row and estimated distance from 

the fiber surface.  
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Figure 4.12 – (Left) DIC stress versus strain plots for all rows at each step for pillars 1 and 2. 

(Right) Summary plot of the DIC modulus for each row, showing a clear gradient in stiffness 

across the PyC bond layer. The values in the inflection region suggest an intrinsic shift in stiffness 

for the same row with increased pressure (>2.25 GPa). 

 

TEM 

Four HRTEM images were incrementally spaced approximately 0.3 μm across the PyC 

thickness. The first was at the PyC/fiber interface and the last was ~0.3 μm from the matrix 

interface. A schematic of the lamella, approximate locations and associated HRTEM images are 

shown in Figure 4.13-A,B. The micrographs show ~1/16th the total image size to make the fringe 

lines more obvious. Qualitatively, the average fringe length appears to increase with distance from 

the fiber, suggesting more uniformity and higher texture. This is quantified via O.A. analysis of 

the FFT images obtained over the entire micrograph. The values are plotted in Figure 4.13-C as a 

function of location and reveals a texture gradient from MT to HT. The sharpest transition occurs 

in the first 0.3 μm, supporting findings that domain size increases and basal plane texture smooths 

with deposition thickness on the fiber [59], [104]. 
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Figure 4.13 – A) Schematic of control material TEM lamella with overlaid locations, 1-4, of TEM 

imaging. B) HRTEM images and associated FFT for O.A. analysis from respective locations, 1-4. 

C) Summary plot of O.A. showing a clear gradient ranging from medium texture near the fiber 

interface to high texture with increased deposition thickness towards the matrix. 

 

4.2.4 Discussion  

Machine output showed continuous evolution of EPyC from 25-65 GPa for both pillars. These 

values are within experimental expectation but toward the upper bound. This is reasonable 

considering the uniaxial stress state and ~7.5 μm2 sampling volume [193]. However, the machine 

output is still an indirect method to estimate the average PyC modulus, requiring compliance 

correction from multiple sources while also applying an idealized spring model with values taken 

from literature. Because the pillars are fabricated on a wall, it is likely the total compliance was 

underestimated when following the Zhang-Sneddon model. An FEM model to capture these effects 

would presumably find reduced stiffness contribution from the substrate, decreasing strain in the 

pillar and thereby increasing the PyC modulus. Although increasing away from expected literature-

based values, this moves closer to those found with DIC. Ultimately the DIC is considered more 

direct and robust than the machine output, and the DIC-acquired elastic properties are accepted as 

true. With this considered, a variety of DIC observations need further discussion. 

The DIC method provided high resolution evaluation of the local elastic strain during testing, 

revealing clear gradients for both Young’s modulus and Poisson’s ratio across the PyC thickness. 

The first trend to discuss is the evolution of modulus with increasing pressure, this was observed 

via an inflection point in pillar 1, and also apparent in the machine output for both pillar 1 and 2. 

For example, the DIC modulus of row 6 transitioned from 66 GPa to 116 GPa. This phenomenon 

can be discussed in the context of PyC microstructure and defects. Recent studies have developed 

atomistic reconstruction of the PyC structure that suggest the turbostatic domains consist of curved 

planes, pentagon/heptagon interlayer connections, and nanoscale porosity [66]–[68]. It is proposed 

here that these defects may initially allow for compliant modes of elastic deformation. As the 

interlayer distance is compressed the system may stiffen as repulsive Van der Waals interatomic 
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potential takes over. From an interphase design perspective, the rate and magnitude of modulus 

increase would then depend on local defect density.  

The next DIC observation provides unique and valuable insight into the PyC structure-property 

relationship. Both pillar 1 and 2 showed a definitive spatial gradient with increasing modulus and 

decreasing Poisson’s ratio moving away from the fiber interface. This was complemented by the 

observed texture gradient from the O.A. analysis, that are likely intrinsically related to each other. 

The gradients are respectively plotted as a function of estimated distance from the fiber surface in 

Figure 4.14.  

 

Figure 4.14 – Summary plot of experimental values for O.A. from TEM, and Ez and vzx from DIC 

of the PyC for σz < 2.5 GPa. Values are arranged as a function of estimated distance from the fiber 

surface, providing a platform for composite interface design as it relates PyC properties to varying 

textures that can be tailored with different deposition parameters. 

 

The values for modulus range from ~66-150 GPa and ~54-87 GPa across high to medium 

texture regimes for pillar 1 and 2 respectively. The discrepancy between pillar 1 and pillar 2 may 

be a result of local texture distribution or defect inclusions from the CVI process. TEM lamellae 

of the tested pillars would greatly improve confidence and understanding of the values plotted in 

Figure 4.14. Although noisy, this method also has added insight to the Poisson’s ratio ranging from 

~0.05 to 0.25 for high and medium texture regimes. In order to understand the evolving property-

structure relationships it is important to consider fundamental PyC elasticity and why relatively 

large elastic moduli are observed in this case. As alluded to, most other experiments see average 

Ez ~25 GPa. Some show a similar texture dependence but are often less significant in both 

magnitude (ranging ± 10 GPa) and consistency, especially for the Z direction [67], [192], [196]. 

DIC shows a factor of 2-5 times increased Ez depending on the local PyC texture and applied 

pressure. Two potential explanations were considered for the origin of the increased modulus. The 

first is extrinsic relating to boundary constraint and the other intrinsic as it relates to microstructural 

homogenization of elasticity.  

The effect of constraint at the interfacing SiC boundaries is evaluated following a model 

system where the PyC is fully bound between two rigid substrates. H. Tsai presents an analytical 
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solution relating the observed compression modulus, Ec, to the true modulus E in the equations 4-

1,2,3, where a, b, and t are the respective edge lengths and thickness of the bond layer [203].  

𝐸𝑐

𝐸
=

1

1−𝑣2  [1 +
𝑣2

1−2𝑣
(1 −

𝑡𝑎𝑛ℎ 𝛼𝑡𝑆

𝛼𝑡𝑆
)]                4-1 

 

𝛼 =
1

𝑡
√

6(1−2𝑣)

1−𝑣
        4-2 

 

𝑆 =
𝑎𝑏

𝑡(𝑎+𝑏)
                4-3 

 

Modelled values for Poisson ratio of high texture PyC are typically very low, vzx <0.05 [67]. 

Some experimental evaluations have found values as large as 0.35 [191], though likely this was 

amplified by bulk porosity effects. Here, the upper bound from this experiment, vzx = 0.25, is taken 

for evaluation. The resulting observed modulus Ec would increase by 13%, which is significant 

but does not account the twofold increase observed with DIC. Here, it is likely only affecting the 

PyC boundaries, as observed in rows 1 and 7 that expressed outlier values as discussed above. The 

bulk (rows 2-6) of the modulus gradient appeared more intimately tied with the PyC texture and 

less with boundary constraint as the peak and minimum values are observed toward the fiber and 

matrix interfaces respectively. In the end, constraint is expected to have an influence near the 

interfaces, but not to play a role in defining the true modulus across the entire bond layer.   

The second and intrinsic explanation is related to findings from nanoscale elasticity models. 

MD simulations tend to agree with fundamental estimations for graphite and typical experimental 

values of Ez ~25 GPa [67], [68]. These simulations have provided unique insight into the impact 

of local defect types; however, the length scale (8-12 nm edge length cubes) limits understanding 

of how long-range domain and domain boundary distributions may impact microscale elasticity. 

Böhlke attempts to capture this on a slightly larger length scale with microstructures (LT, MT, and 

HT) defined from 50x50 nm2 HRTEM images. The homogenization technique, described in the 

introduction, finds mean values for Ez of 99 to 156 GPa for HT and MT respectively. The MT 

value is at the upper bound for DIC measurements in the MT range showing up to 150 GPa. DIC 

in the HT regime showed repeatable values between 55-65 GPa, which are also low compared to 

98 GPa of the homogenization model. The general overestimation of both HT and MT may be due 

to a model assumption of perfectly bonded domains [198], omitting impact from boundary 

stiffness. It is conceivable that in a real system these boundaries provide a softening mode, similar 

to mechanisms discussed for modulus dependence on pressure, that can explain the reduced values 

observed by DIC. Ultimately, it is thought this study experimentally supports the homogenization 

theory where average domain misorientations evolve a homogenized and globally increased 

modulus at this length scale. This explains the observed increase in modulus with transition from 

high texture to medium texture regimes. The homogenization method did not evaluate the 

dependence of Poisson’s ratio on texture. However, as oriented texture reduces, it can be inferred 

similar to the modulus homogenization, that the Poisson ratio would take on mixed character of 

the vzx and vxz. Most reported values simply assume a homogenous v = 0.2 [11], [57], Farbos and 

Gebert show MD and experimental values for vzx to vxz at 0.05 to 1 and 0.22 to 0.5 respectively 

[67], [71]. With this wide range of values across length scales, the texture dependence observed 
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with DIC is not only reasonable but uniquely valuable considering limited methods to evaluate 

this elastic property, particularly at this nano-to-micrometer length scale. 

To consolidate current observations of both models and experiments across length scales for 

medium to high texture PyC, a simple evaluation is proposed here. At the nanoscale (< 50 nm), 

local PyC domain elasticity is dominated by the fundamental graphite structure and properties with 

Ez < 30 GPa. At microscale (50 nm – 5 μm), the long-range order with associated boundary and 

orientation distributions homogenize resulting in a relatively stiff matrix; modelled values range 

~100-200 GPa and experiments range from 55-150 GPa, both depending on texture and pressure 

[193], [197]. With increased deposition thickness, macroscale samples (>10 μm) are likely to 

contain large scale defects like porosity or soot inclusions that may dominate, resulting in modulus 

values settling back around 5-30 GPa [59], [192], [193].  

A final point of support comes from a recent study by Zhang et al., that applied uniaxial 

micropillar compression to amorphous PyC produced by two-photon lithography and high 

temperature pyrolysis [69]. The researchers presented values for modulus ~16-26 GPa that were 

fit to the loading curve. However, significant plastic deformation was observed in these pillars due 

to interplanar bending and nanopore collapse, identified by accompanying MD simulations. For 

more accurate representation of the elasticity, the unloading modulus was evaluated and found to 

be ~50 GPa. This matches more closely to the values observed here. 50 GPa is at the lower bound 

of the DIC observations, however it was not obvious that the researchers performed any pillar sink-

in analysis where proper compliance subtraction would further increase their values. Additionally, 

the PyC was fully amorphous, which may provide enough basal plane tortuosity to move away 

from the domain homogenization effects and result in a slightly lower modulus. It can be noted 

here that the MD simulations in that study, and by Chen et al., support potential local interplanar 

slip between graphene planes of specific domain boundaries. However, it is unclear if neighboring 

domains can provide a boundary locking mechanism that may homogenize and globally increase 

the observed modulus. Additionally, the MD simulations found that permanent deformation occurs 

by means of defect collapse. This supports the plastic deformation observed in this study. 

Lastly, in the context of composite design and modelling, an experimental method to identify 

properties and validate elasticity models at the microscale is of high value. During fabrication of 

SiC/SiC composites, it has been shown that thermal elastic mismatch and fiber roughness can 

evolve compressive stresses normal to the PyC interface of 0.2 to 8 GPa [57]. The magnitude of 

stress can be tailored by varying the bond thickness provided a known PyC modulus. A defined 

texture-modulus relationship enables optimization of deposition parameters to minimize thickness 

that still promotes deflection while retaining enough compressive stress to evolve frictional 

resistance needed for composite toughness. The methodology presented here provides a path 

forward for defining and validating these necessary structure-property relationships. 

4.2.5 Conclusion 

This study combined micropillar compression and DIC in a novel way to explore the elastic 

properties of the PyC interphase in as-fabricated SiC/SiC composites. HRTEM methods 

complemented the observed properties with quantified PyC texture to define the structure-property 

relationships. Modulus values ranged from 55 to 150 GPa depending on high and medium texture 

zones in the deposited PyC. The elastic modulus also appeared to depend on applied pressure as it 

related to compliant defects that stiffen as interatomic potential dominates. The Poisson ratio 

ranged from 0.05 to 0.25 with reducing texture. Ultimately, it is thought that the elastic behavior 
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of PyC follows the homogenization theory presented by Böhlke, but there is room for model 

development to capture domain boundary effects that may provide more realistic values observed 

here.  

This method offers a path forward to evaluate the true constitutive relationship between texture 

and microscale elasticity of PyC. It has significant implications from atomistic modelling to 

interfacial design and composite optimization. Future testing would benefit from improved DIC 

resolution and TEM evaluation of the tested micropillars to explore and identify the exact 

mechanisms related to defect compression and permanent strain. This methodology can be easily 

expanded to controlled samples of varying textures, or alternative interphase layers such as 

hexagonal boron nitride.  
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4.3 Tensile strength of the SiC/PyC/SiC interphase: Microtensile testing  

4.3.1 Introduction 

Interfacial crack deflection plays a fundamental role in macroscopic composite toughness. Two 

competing theories are used to define a deflection criterion, the He-Hutchison criteria based on 

fracture energy and the Cook-Gordon model based on stress intensity. Both are important as 

different models may choose to incorporate different parameters. As outlined in section 3.2, the 

HH criteria defines a fracture energy relationship between the interface and fiber such that Γi/Γf 

must be <0.25. The CG model suggests the tensile strength relationship must satisfy σi/σf must be 

<0.2. However, both ratios are dependent on the relative elastic properties of the interfacing 

materials, where increased mismatch permits increased critical ratios. Both models established a 

master curve denoting the associated penetration and deflections zones. These models become 

particularly useful for design and optimization of PyC interphases only when the respective mode 

I failure properties are identified for a given microstructure. To date, there is very limited data for 

tensile strength of PyC in the as-fabricated composites. Some evaluations have employed 

transverse bend and tensile tests [45], but showed limited reliability and relationship to the 

interphase. 

The goal of this effort is to utilize a refined microtensile method to characterize failure location, 

elasticity, and tensile strength of the SiC/PyC/SiC interphase as it relates to the deflection criteria. 

High resolution SEM and TEM help provide additional insight to the interphase structures and 

driving mechanisms for failure. Explicitly, this method is designed to extract the tensile strength, 

however, provided information about the defect size and distribution from the fracture surface, it 

is possible to estimate the fracture energy release rate using Griffiths energy criterion. 

4.3.2 Experimental 

Microtensile testing was performed on the H-thick microcomposite with 0.5 μm thick PyC 

monolayer interphase as described in the materials section. This composite contains a single Hi-

Nicalon type S (HNLS) fiber with E ~420 GPa and tensile strength ~2.6 GPa embedded in β-SiC 

matrix with E~460 GPa. The single filament composite makes it easy to align the longitudinal 

fiber axis parallel to the SEM stub and polishing surface, allowing for a nearly perfect horizontal 

PyC interface for fabrication of the microtensile specimens across it. The sample was mounted on 

an aluminum SEM stub with thermoplastic mounting adhesive and polished with a 3 μm diamond 

lapping film using water lubricant in a Leica EM TXP micro-polishing instrument. The integrated 

stereo microscope allowed the polishing to continue until just the top surface of the fiber was 

exposed.  

The experimental procedures including specimen design, fabrication, indenter frame and 

gripper, and analysis techniques closely followed those developed by Casari et al. [188]. In that 

study, careful procedures were established to reduce FIB damage, optimize uniaxial stress state, 

and utilize a self-aligning gripper for high reproducibility and reliability on ceramic materials. 

Here, the final geometry of the T-bar specimens was slightly altered due to constraints regarding 

the fiber diameter of ~10 μm. In order to keep a single PyC bond layer in the entire T-bar, the top 

of the specimen was restricted to ~10 μm in height. This required reducing the fillet radius to keep 

a reasonable head size to support contact with the gripper. In the end, a T-bar with a 10 μm gauge 

length, 3×3 μm2 cross-section width and depth, and 2.5 μm fillet radii at the head and base was 

used. Fiber curvature across the gauge section resulted in peak-to-valley depth of less than 150 nm 
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and is assumed negligible. Following the curve established by Casari et al., the r/w ratio of ~0.83 

produces a stress concentration factor of ~1.12 at the point where the radii meet the gauge section. 

However, because the PyC interface is known to be weaker than the SiC material, this stress 

concentration is insignificant as it is sufficiently far from the center of the gauge section where 

uniform uniaxial stress state is established. 

FIB fabrication of the microtensile T-bars was carried out in a two-step process to reduce FIB 

damage and optimize dimensional repeatability. A Xenon (Xe) plasma-FIB (FERA3, Tescan, 

Brno, Czech Republic) operated at 30 kV with 1000 nA was used to produce the rough cut of the 

wall at the edge of the bulk material, see in Figure 4.15-A. The walls were fabricated to 30 μm 

thickness by 50 μm height and width, ensuring at least 5 μm of undamaged material at the center 

of the wall after the Xe ion milling. Walls were separated by ~50 μm and the trench behind the 

walls extended at least 70 μm to reduce re-deposition of sputtered material onto other specimens 

and to facilitate gripper maneuvering during the tests. Successively, a Ga FIB-SEM workstation 

(LYRA, Tescan, Brno, Czech Republic) was used to thin the wall sections down to 3 μm using an 

acceleration voltage of 30 kV with decreasing currents starting from 4.5 nA for coarse milling to 

0.7 nA for fine milling shown in Figure 4.15-B. Frontal milling for the “T” shape consisted of 

rough cuts at 30 kV and 4.5 nA followed by two polishing steps at 30 kV with 0.7 nA and 15 kV 

with 0.4 nA, respectively. In the last step, each side was polished individually with a 3° over-

rotation to correct for taper. Final dimensional tolerances were all within 5% of the prescribed 

value.  

 

Figure 4.15 – A) Xe Plasma FIB rough cuts to isolate individual walls and create enough trench 

space to avoid redeposition on neighboring structures during sequential Ga FIB processing. B) 

Finishing cuts with Ga FIB to create 3 μm walls representing the final cross-sectional depth 

dimension of the T-bar. C) Complete T-Bar geometry produced with Ga FIB milling. The PyC is 

properly centered in the gauge section. Dimensions are overlaid with units in μm. 
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Stress and strain were calculated based on individual measurements of each T-bar. The width, 

w and depth d were measured from the fracture surfaces to calculate stress at the exact location of 

failure. The thickness of the PyC, hPyC, was assumed constant across all specimens, measured in 

20 locations across the four samples, finding a value of 0.50 ± 0.02 μm. This value was used as 

reference length for calculating the engineering strain. In total, four T-bar specimens were 

fabricated, and the exact dimensions are given in Table 4.2. 

Table 4.2 – Microtensile sample dimensions 

Sample w (μm) d (μm) h
PyC

 (μm) 

T-bar 1 3.09 ± 0.09 3.04 ± 0.09 0.50 ± 0.02  

T-bar 2 3.17 ± 0.1 3.08 ± 0.09 0.50 ± 0.02  

T-bar 3 3.17 ± 0.1 2.79 ± 0.08 0.50 ± 0.02  

T-bar 4 3.10 ± 0.09 2.72 ± 0.08 0.50 ± 0.02  

 

Testing was carried out in an SEM (FEI/Philips XL-30 Field Emission SEM) with an Alemnis 

standard assembly indenter system using the laterally compliant Si gripper system developed by 

Casari et al. SEM testing allowed optimization for sample centering in the gripper head as well as 

real-time information about the failure mechanisms. The samples were loaded in displacement 

control at 10 nm/s until failure. Load cell force and piezoelectric transductor displacement were 

sampled at 50 Hz with nameplate RMS noise of ±0.004 mN and ±0.001 μm respectively. These 

values are integrated, along with an assumed ±3% geometric measurement precision, to evaluate 

error in the stress strain curves. The total system compliance was established via testing of single 

crystal Si in the [100] orientation with known modulus. This enabled extraction of the true 

displacement at the interface, calculated using compliance subtraction procedures outlined by 

Akbary et al. [204]. The analytical model is based on Hooke’s law and evaluates the system as 

series of springs accounting for the gauge section and fillet regions, and assumes the substrate is 

part of the surrounding system. Here, the model was modified by introducing an additional spring 

section for the PyC. Given known material properties and the system compliance, the displacement 

of the PyC was established as follows 

𝛿𝑃𝑦𝐶 =  𝛿𝑚 − 𝑃[𝐶𝑓𝑡 + 𝐶𝑓𝑏 + 𝐶𝑔𝑡 + 𝐶𝑔𝑏 + 𝐶𝑠𝑦𝑠(𝑃)]        4-4 

 

𝐶𝑠𝑦𝑠(𝑃) =  
1

𝑃
[𝛿𝑚(𝑃) − [1 + 𝛼 + 𝛽]𝛿𝑆𝑖]              4-5 

 

Where C is the compliance, P the applied load, δ the displacement, and α and β the 

displacement ratios of the fillet and gauge sections defined by Akbary. δm represents the machine 

output displacement for a given test set up. Subscripts PyC, ft, fb, gt, and gb denote sections 

representing the interface, fillet top, fillet bottom, gauge top, and gauge bottom respectively. The 

compliance of the load frame system, Csys(P), is established from evaluation of the reference Si 

sample with known modulus and therefor known δSi. In the reference test, the machine 
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displacement is estimated as a function of applied force δm(P) using multiple polynomial fits to 

capture non-linear behavior across different regions of the test, shown in Figure 4.16.  

 

Figure 4.16 – Displacement versus load of a tensile test on reference Si [001] sample with the 

same geometry as those presented by Casari [188]. The zoom window on the right shows the low 

load region at the start of the test with non-linear, decreasing compliance. Figures courtesy of 

Daniele Casari (Empa Swiss federal laboratories). 

 

The non-linear behavior observed at low loads is attributed to contact effects such as sliding 

of the compliant gripper and fixture stiffening prior to purely elastic response of the material. 

Capturing this accurately is particularly important to predict the δPyC since the composites failed 

in this range (<1mN). Figure 4.17 shows before and after SEM images of the T-bar test. The raw, 

smoothed, and compliance corrected data for interface displacement for T-bar 1 is shown in Figure 

4.17-C. Figure 4.17-D shows the adjusted data for all samples. Error bars are the RMS noise 

reported for the system. 
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Figure 4.17 – A) SEM image of T-bar 1 inserted into compliant Si gripper head prior to testing. 

Uniform alignment is observed. B) SEM image after brittle failure. The top of the T-bar was ejected 

from field of view. C) Raw, smoothed, and interface displacement for T-bar 1. D) Interface 

displacement for all four T-bar samples. 

 

Adjacent to the tensile bars, a TEM lamella was lifted for evaluation of the local PyC structure. 

HRTEM images were taken across the PyC with ~ 0.125 μm steps starting at the fiber surface. 

High resolution TEM images were taken with selected area aperture of 150 μm on a 200 kV FEI 

monochromated F20 UT Tecnai at the Lawrence Berkeley National Laboratory National Center 

for Electron Microscopy (LBNL NCEM). HRTEM of the PyC interface near the fiber surface is 

shown below in Figure 4.18-A. The image contains both fiber and PyC microstructure, divided by 

an overlaid red line. Fast Fourier Transform of the PyC region provided insight to opening angle 

(O.A.) as it relates to texture of the (002) lattice fringes. Analysis was performed in OriginPro 

using the Azimuthal Average Tool to extract grayscale intensity of the diffraction arc as a function 

of angle. The peaks were fit with a Gaussian distribution and the O.A. was calculated as the average 

FWHM of the two peaks. Figure 4.18 shows the HRTEM image, FFT, and screenshot of the 

parameters for O.A. analysis. 
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Figure 4.18 – A) HRTEM with observable (002) lattice fringes of PyC located at the fiber surface. 

B) Corresponding FFT of the HRTEM image providing basic frequency information on the 

repetition of the lattice fringes. The Azimuthal Average Tool provides Gaussian fit to the FFT 

pattern. 

4.3.3 Results 

The stress-strain curves for all four tests are shown in Figure 4.19. The interfacial tensile 

strength, σi, is marked by cross symbols at the end of each test. A linear fit over the last 20% of 

each curve was taken to define the elastic modulus, Ei. The fits are extracted and shifted to the 

right in Figure 4.19. 

 

Figure 4.19 – Stress-strain curves for all 4 T-bar specimens. The modulus is fit from the last 20% 

of the loading curve 

 

T-bars 2-4 show relatively consistent values for strain to failure and associated modulus. T-bar 

1 shows reduced modulus and failure strength. Inspection of the in-situ video does not provide a 

meaningful explanation and so this data point is still included in the averaged values, shown in 

Table 4.3. 
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Table 4.3 – Microtensile strength properties 

Sample σi
  
(MPa) Ei (GPa) 

T-bar 1 42.1 ± 1.8 0.64 ± 0.02 

T-bar 2 64.7 ± 2.8 1.19 ± 0.03 

T-bar 3 78.0 ± 3.3 1.07 ± 0.04 

T-bar 4 90.6 ± 3.9 1.56 ± 0.02 

Average 68.8 ± 20.7 1.12 ± 0.4 

 

The stress-strain behavior and instantaneous fracture observed in SEM videos suggests brittle 

failure. SEM images of the fracture surfaces are shown in Figure 4.20. All samples express failure 

at the fiber/PyC interface, shown representatively by a side-on view of T-bar 1 on the left of Figure 

4.20. Because the top of the T-bar is typically ejected it was not possible to evaluate if any residual 

PyC existed on the fiber side. However, the remaining thicknesses on the matrix side measured 

indistinguishably close to 0.5 μm. Additionally, and this type of adhesive failure is consistently 

observed on composites with untreated fibers resulting from residual oxides at the surface [58], 

[104], [163]. Further inspection reveals a uniform surface roughness with peaks and valleys likely 

correlated to the surface of the fiber. Lastly, all fracture surfaces contain 2-3 randomly distributed 

dark spots. These are likely deposition defects related to CVI soot contamination [59]. These are 

expected to be weak, failure driving defects. T-bar 1 shows a CVD defect intersecting the edge of 

the gauge section, highlighted with a red circle, which may have driven premature failure relative 

to the other three samples.  

 

Figure 4.20 – The image on the left is a side-on view of T-bar 1 with majority of the PyC remaining 

on the matrix side of the gauge section. Fracture surface roughness is visible, likely an imprint 

from the fiber surface roughness.  
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TEM of the PyC microstructure revealed a transition in texture across the interface. Figure 

4.21 shows a schematic of four different image locations and plots the O.A. values relative to the 

estimated distance from the fiber surface. This data is similar to that observed for the S-thick 

sample in the DIC section, where domain disorder is significantly higher at the fiber surface and 

shows a sharp transition in the first hundred nanometers. Again, this is typically observed for CVI 

PyC interphases and attributed to surface roughness and fiber surface contaminants. The O.A. 

values ultimately plateau around 52 which is near the medium to high texture boundary.  

 

Figure 4.21 – Schematic of TEM lamella with image location highlight by star symbols. The O.A. 

trend suggests increased domain disorder at the fiber surface. 

 

4.3.4 Discussion 

Uniaxial tensile testing on the composite interphase at this length scale has not been explored 

previously. Because the T-bar probes the entire interphase, this method identifies both the location 

and relevant properties of the weakest link along which the matrix crack is expected to deflect. 

This is particularly useful for interphase design when correlating deposition parameters to desired 

deflection location. The HH and CG models for deflection both depend on the elastic modulus. As 

discussed in detail in the DIC section, the modulus can vary significantly depending on both 

structure and pressure. Here, a third source of complexity evolves with observation of anisotropy 

between compression and tension. The DIC section showed values ranging from 50 to 150 GPa, 

while here tension shows ~1 GPa. Most other experiments and estimated values range from 5 to 

15 GPa [69], [85], [112], [155], [205].  

Although the discrepancy between tension and compression is large here, this behavior is not 

unexpected considering how curve ring structures, interplanar cross-linking, and resulting Van der 

Waals interactions may evolve [72]. A recent effort by Zhang et al., carried out micropillar and 

microtensile tests with accompanying MD simulations on amorphous PyC made by two-photon 

lithography polymer pyrolysis [69]. This study also expressed compression-tension anisotropy, 

showing ~ 50 GPa and 10 GPa on the unloading curves respectively. It was not obvious if any 
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pillar sink-in effects were accounted for, but this would simply shift the observed values up if 

properly subtracted. Their MD simulations predicted similar compression moduli and slightly 

large tensile at 50 and 30 GPa respectively. Detailed analysis of the MD supported the theory that 

individual graphene planes can flex and slide depending on orientation relative to the applied 

stress. This likely is responsible for the observed difference in moduli and failure mechanism. 

Additional models evaluated textured PyC on the nanoscale by applying MD to atomistic 

reconstruction from HRTEM [67], [68]. These models found tensile modulus perpendicular to the 

average basal plane texture ~25-30 GPa for a variety of interplanar defect densities. Again, 

graphene planes showed sliding and curving behavior with increased pressure and tension. In all 

MD cases, defect types were well represented but the length scale may limit the ability to capture 

microscale effects of domain homogenization that were suggested in the DIC section. It is possible 

the same domain boundary effects proposed for global stiffening in DIC compression may also 

allow for global softening in tension, since the defects and interplanar spacing are not met with the 

repulsive interatomic potential. However, because there are no models that predict this degree of 

softening, it is likely our value of ~1 GPa is underestimated. Plus, the microtensile test applies an 

indirect compliance subtraction method. Therefore, it is likely the compliance calculations did not 

properly capture the contact and alignment effects at the early stage of the Si reference test. It is 

deducted that the compliance associated with initial contact can vary significantly from test to test. 

This is supported by T-bar 2, where significant compliance is observed out to 2% strain, and the 

test video shows evidence of gripper sliding for self-alignment. If the interface strength were 

stronger, it is expected that the load train would settle, and the true elastic response would more 

reliable. 

To summarize briefly, modulus anisotropy between compression and tension is consistently 

observed. The compressive moduli across amorphous and high texture PyC at the microscale 

appears to range from 50-150 GPa depending on structure and pressure. The tensile moduli appear 

to range from 1-30 GPa depending on experiment and model conditions. With that in mind, and to 

stay consistent with deflection modelling papers [85], [112], a tensile modulus of 10 GPa is 

assumed here for further evaluation of the fracture properties as they relate to the CG and HH 

criteria. 

When building models that incorporate deflection, a consistently noted shortcoming is the lack 

of experimental data for mode I strength and fracture energy of composite interfaces [45], [93]. In 

fact, the HH and CG models have simply evaluated master curves to present an upper limit for the 

relevant property ratios. Application of these models and composite optimization only becomes 

practical when the actual mechanical property for a given interphase deposition is known.  

This study observed brittle, adhesive fracture at the PyC/fiber interface. This was supported by 

instantaneous failure observed in the stress strain curve as well as the in-situ SEM videos. The 

tensile strength, σi, was found to be ~69 MPa. Further evaluation of the fracture surface also 

showed large defects, likely due to pre-existing contamination or CVI soot. TEM supported that 

there was more disorder in first ~100 nm of PyC, likely due to undulations in fiber surface 

roughness and potentially unstable reaction conditions that led to soot deposits. The PyC structure 

appears to stabilize for the remaining thickness. Its proposed that the soot defects in Figure 4.20 

are very weak and act as crack initiation sites. If so, the mode I fracture energy release rate, Γi, can 

be estimated following Griffith’s criteria [206]  

𝛤𝑖  =
𝜋𝑎𝜎𝑖

2

𝐸𝑖
        4-6 
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where Ei is an assumed PyC tensile modulus of 10 GPa, σi is the tensile strength of the PyC, 

and the crack length, a, is equal to the radius of the largest defect on each respective fracture 

surface. In the case of T-bar 1, a was set as the length of edge defect since surface defects are less 

constrained and typically express a larger driving force. This may also explain why early failure 

was observed in T-bar 1. The fracture energy release rate values for each test are outline in Table 

4.4, with an average of 0.28 J/m2. 

Table 4.4 – Microtensile Fracture Energy Release Rate 

Sample a (μm) Γi
 
(J/m2) 

T-bar 1 0.16 0.09 

T-bar 2 0.18 0.24 

T-bar 3 0.17 0.32 

T-bar 4 0.18 0.46 

Average 0.17 ± 0.01 0.28 ± 0.16 

 

With respect to literature results, both the fracture energy release rate and the fracture strength 

are very low. Experimentally, there are limited studies that evaluate mode I fracture strength of the 

SiC/PyC/SiC interphase. The most comparable experiment is of microcantilevers on a composite 

interphase containing a 100 nm PyC layer and SA3 fiber, finding fracture strength of ~2.5 GPa 

and fracture toughness ~0.8 MPa-m0.5 (Γ = K2/E ~ 64 J/m2 when E=10 GPa) [58]. Similar to our 

findings, adhesive failure was observed between the PyC and fiber, however their values are ~2 

orders of magnitude larger. Other macroscopic evaluation of PyC and glassy carbon by Sakai and 

Zhao have found Γi = 22 and 30 J/m2 respectively [147], [148]. Yet, most estimates in studies 

attempting to model deflection often assume 2-5 J/m2 for the interphase [11], [85], [112]. This 

range, 2-64 J/m2
, is significant, and deserves refinement from further research to identify the 

driving structure-property relationships and driving mechanisms. As for tensile strength 

comparisons, the same study mentioned above on amorphous PyC showed tensile strength of ~1.6 

GPa, and an MD simulation by Chen found tensile strength for high to medium texture PyC of 

~0.8 GPa [68]. There are some studies on bulk composites and monolithic PyC that suggest more 

moderate values ranging from 10-200 MPa fracture strength [147], [207] 

The particularly weak values observed here are attributed to two reasons. It has been discussed 

that interfacial bond strength can be increased by chemical treatment of the fiber surfaces prior to 

deposition [104], [155]. In this case, the manufacturer acknowledged the fibers were not treated. 

This, in conjunction with the observed PyC disorder and soot defects resulted in overall weak 

properties. Of course, this weakness still meets the desired deflection criteria allowing for a tough 

composite but has room for dramatic improvement. The other studies with PyC strength ~0.8-2.5 

GPa [58], [68], [69], may be more representative of what to expect with a treated fiber composite.  

Figure 4.22 presents the observed fracture properties with respect to the HH and CG deflection 

criteria. The relevant properties of the PyC, fiber, and interface are tabulated below. Properties for 

the fiber are taken from Katoh et al. [26]. Blue and orange shaded regions represent the zone 
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covered by the literature and this experiment respectively, with values over a PyC modulus range 

1-30 GPa. The Poisson’s ratio for PyC was assumed to match the fiber at 0.2 to simplify the elastic 

mismatch assumptions for the HH master curve, and α is calculated following equation 3-4 in 

section 3.2.2. 

 

Figure 4.22 – Master curves of the energy-based He-Hutchinson, and the stress-based Cook-

Gordon models for crack deflection. The x-axes represent elastic mismatch parameters. The blue 

and orange shaded regions represent values from literature and this study, respectively. It can be 

noted that in all cases (Ei ~1-30 GPa) the HH model predicts deflection, while the CG model shows 

that some literature values extend to fiber failure region. Curve schematics reproduced with 

permission from refs. [93], [112], copyright Springer Nature 2004 and Elsevier 2007 respectively. 

 

For the HH fracture energy criterion, both the orange and blue shaded regions show that crack 

tip deflection essentially is guaranteed regardless of relative critical fracture energy. This is due 

the extremely stiff HNLS fiber and resulting large α parameter. The CG model on the other hand, 

suggests as the fiber becomes increasingly stiffer, the relative strength ratio needs to decrease. In 

the case of literature findings with high strength, the deflection envelop moves through the center 

of blue shaded region, suggesting the composite is balancing between penetration and deflection. 

This can be optimized so long as the PyC strength is brought down slightly to guarantee deflection, 
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conceivably achieved by adjusting the PyC texture or tailoring the fiber surface treatment. Chen 

et al., show that increasing PyC domain disorder, i.e., moving from high to low texture, reduced 

tensile strength as the curved interplanar defects pull apart more easily. 

With regard to composite design, it appears clear here that different decisions can be made if 

choosing to follow the HH or the CG model. For example, if given a strong interfacial bond >2 

GPa, one would consider using a fiber with lower modulus to promote crack deflection following 

the CG model. On the other hand, with the HH model, the composite can keep the stiffer fiber and 

the benefits such as improved load sharing with the stiff (E ~ 460 GPa) β-SiC matrix. Further work 

is required to understand whether the energy or stress intensity approach captures reality best. 

Mechanistically, it has been argued that the CG model is more representative, as the HH model 

requires a theoretical pre-crack for deflection analysis [45]. A robust case study matching bulk 

behavior to the fracture and elastic properties evaluated with this microtensile method could prove 

highly enlightening. The interfacing materials can be tailored to explore specific zones for each 

model and thereby investigate which model is more predictive.  

4.3.5 Conclusion 

This study focused on the novel application of a refined microtensile technique to evaluate the 

tensile strength of a composite interface at its engineered length scale. The self-aligning compliant 

gripper allowed for repeatable measurements across four brittle specimens. The microtensile 

method provides a unique approach to evaluate the fracture properties and locations with 

retrievable information from the fracture surface. The HNLS fiber microcomposite evaluated in 

this study showed very weak strength and fracture energy release rate due to CVI defects and a 

lack of fiber surface treatment. These values were compared with those in existing literature and 

evaluated in the context of the HH and CG deflection criteria, shedding light on methods to 

improve coating strength and optimize composite behavior.  
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4.4 Shear strength of the SiC/PyC/SiC interphase: Micropillar compression 

4.4.1 Introduction 

Following microcrack deflection, the new crack propagates along the fiber/matrix interphase 

according to the mode II shearing resistance. Total extension, described as the debond length, ld, 

is then dependent on intrinsic properties such as the shear strength and mode II fracture energy 

release rate. Additional extrinsic factors such as fiber roughness and clamping stress also play a 

role, especially behind the crack tip where friction effects are simultaneously contributing to load 

sharing and extension resistance. As described in the background section, the debond length plays 

a critical role in composite behavior. The major contribution comes in the form of load sharing 

that impacts both ultimate strength and toughness. If the debond length is long, the remaining 

frictional surfaces can add to energy absorption, however as more fiber volume holds the load, the 

probability increases for interaction with a critical defect and failure. If too short, stress remains 

localized and also leads to fiber overload and failure. Ultimately, there is a preferred debond length 

that balances toughness by way of increased microcracking and frictional resistance, while also 

distributing the load uniformly between the fiber and matrix. Optimization of the debond length 

requires detailed knowledge of the interfacial properties as they relate to interphase architecture 

and potential stress states. Here the architecture not only includes PyC texture, but also the fiber 

roughness, relative PyC thickness, and multilayer deposition schemes. The stress state and residual 

clamping stress depend on the deposition conditions and relative thermo-elastic mismatch of the 

constituents. Residual compressive stress across the interphase is typically observed in the 

SiC/PyC/SiC system, and can range from 0 to 10 GPa depending on the relative ratios of fiber 

roughness to PyC thickness [11], [57].  As a result, unique application of micropillar compression 

has been developed to evaluate shear strength as a function interphase structure and compressive 

stress normal to the interface.  

As elucidated in the background section, there are complexities associated with fiber push-out 

testing that make it challenging for reliable extraction of fundamental shear strength properties at 

the fiber/matrix interface [136], [152]. Micro-pillar compression provides an alternative approach 

to property extraction, uniquely probing the interface at the engineered length scale with simplified 

stress states. The concept was first applied to SiC/SiC composites by Shih et al., in 2013 [208], 

and the efforts here aimed to advance the methodology and analysis to capture robustly the 

structure-property relationship. Much of the following section is adapted from the two earlier 

publications by the author of this thesis [131], [163]. 

4.4.2 Experimental 

This investigation evaluated composite samples provided by GA and ORNL. Samples from by 

ORNL were produced by Hyper-Therm HTC, Inc. (now Rolls Royce, RR). The composites 

contained either Tyranno SA3 fiber [51], [52], or Hi-Nicalon Type S fiber [49], [53], [54]. Both 

are nuclear-grade generation III SiC fibers that are characterized by near-stoichiometric chemical 

composition with low oxygen but free carbon concentrations, as well as high crystallinity. The 

primary difference is that SA3 fibers contain larger grains (d ~50-400 nm) and consequential 

increased root mean squared (RMS) surface roughness (RRMS~  8-12 nm) as compared to HNLS 

fiber with grain size (d ~10-50 nm) and (RRMS ~ 2-4 nm) [26], [55]–[57]. The first PyC layer (at 

fiber surface) was deposited via chemical vapor infiltration at ~1000C with varying thicknesses 

(~30-1350 nm). Although several of these composites exhibited five alternating layers of PyC/SiC 
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before full CVI SiC infiltration, failure was always observed at the first layer. It is noted the SA3 

composites that were prescribed thin (< 50 nm) alternating layers produced a “granular” interface 

with large nonuniform SiC deposits instead of the desired multilayers, shown in Figure 4.23. This 

is likely a result of CVI reaction conditions, observed previously depending on isobaric versus 

pulsed pressure methods [104]. Unfortunately the exact deposition parameters are proprietary, but 

because the SA3 and HNLS composites with the thinnest PyC, see HNLS_40nm and 

SA3_30_granular in Figure 4.23, were fabricated by the same company in the same batch run, it 

is proposed that the fiber roughness of SA3 also plays a role. With that said, the granular interphase 

still exhibits a continuous first layer PyC at which failure was observed. Therefore, subsequent 

naming of the tested composites includes fiber type, average first layer PyC thickness (hPyC), and 

neutron irradiation conditions. In total, 11 interphase conditions were evaluated. All irradiations 

were carried out in the High Flux Isotope Reactor (HFIR) at Oak Ridge National Lab (ORNL). 

Details regarding rabbit position and resulting flux, temperature, and estimated dpa for the HNLS 

samples are found in Katoh and Koyanagi’s work [10], [26], [27]. These studies also evaluate the 

macroscopic performance of the same composites. The SA3 irradiated sample was commissioned 

by GA, it was located in the GSF1 rabbit for two HFIR cycles at an actual temperature 716°C 

resulting in an estimated 4.5 dpa. The sample naming outlined in Table 4.5 also provides the 

temperature and dpa where relevant. 

Bright field and high resolution TEM were carried out on six of the conditions. Although 

incomplete in capturing all conditions, the results provide context for some of the observed failure 

behavior. Foils were fabricated using standard FIB trenching and thinning techniques on a 

randomly selected fiber/matrix interphase within the bulk material, as well as on fractured pillars. 

Post-failure TEM foils were prepared via platinum encasement of the micropillar and subsequent 

thinning and lift-out. Primary trench cuts were performed at 30 keV and 15 nA milling current, 

final cleaning cuts were made using 5 keV and 30 pA polishing current. TEM observations were 

conducted using a CM200FEG instrument at 200 keV. High resolution HRTEM was carried out 

under bright field operating conditions to qualitatively and quantitatively compare PyC texture and 

typical defects.  

Composites were cut and polished into ~2×2×1 mm3 sub-samples. Each was polished such that 

fibers at the front edge of each sample would have different angles with respect to the polishing 

plane. Micropillars were fabricated using the FEI Quanta 3D dual beam focused ion beam (FIB) 

instrument via standard FIB milling techniques. Rough and finishing cuts were performed at 30 

keV with 15 nA and 0.1 nA currents respectively as illustrated in Figure 4.23. Measurements 

including the interface incline and cross-sectional area were acquired at this stage of the process. 

Pillars were fabricated on high quality, cylindrical fibers. A diameter of 2.5 μm was chosen to 

reduce the inherent curvature of the fiber with respect to the interface plane contained within the 

micropillar, total peak-to-value curvature depth is limited to ~100 nm. Subsequent analyses have 

assumed a planar fracture surface. As a result, the extracted properties at failure are characteristic 

of mode II shear strength. Provided defect size and distribution, a mode II fracture energy release 

rate can be evaluated. Figure 4.23 shows a subset of interphase types that were fabricated for 

micropillar compression. The complete test matrix is outlined in Table 4.5.  
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Figure 4.23 – (Top) Typical micro-pillar fabrication process using FIB milling techniques, 

overlays show the extraction of interface incline and resulting interfacial area [131]. (Bottom) 

Representative series of the evaluated interphase architectures, not all are shown.  

 

With 120 FIB micropillars across 11 interphase conditions, there was inevitable variation in 

final pillar geometry. Fabrication decision making was generally governed by the availability of 

undamaged fiber cross-sections at the front edge of the polished top surface. This had implication 

on whether the cap of the pillar was fiber or matrix. Additionally, characteristics like pillar height 

to width ratio, location of the interphase within the gauge section, and pillar taper depended on 

interphase incline. The steeper the interphase, the taller the pillar needs to be, thereby increasing 

likelihood of pillar taper. It has been shown that taper and indenter contact can evolve non-uniform 

stress state in the gauge section. To avoid misrepresented values, only pillar data with the 

interphase 0.5 μm away from indenter contact were evaluated. Future modelling efforts to capture 

these stress concentrations could improve the analyses here. With that said, pillars of the same 

interface condition were compared as a function of cap material, taper, and interphase location and 

there was no clear trend. 

Pillars were tested at ambient temperature in situ the SEM with the Hysitron PI-85 Pico-

Indenter using a 5 or 10 μm diamond flat punch tip. Tests were performed under displacement 

control at 10 nm/s until failure. Carrying out the pillar compression in situ SEM allows acquisition 

of live testing video to ensure alignment and contact accuracy, shown in Figure 4.24. This 

capability is particularly beneficial to the fidelity of this technique allowing insight to test quality 
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and failure process. A typical load-displacement curve is represented by a pillar from sample 

HNLS_50nm subset and is displayed in Figure 4.24. Failure was defined as the first instantaneous 

load drop, in this case at ~ 5.9 mN. Hysitron software subtracted load drift from the beginning of 

the test as well as machine compliance calibrated with amorphous silica. Remaining compliant 

regions at the start of the test are attributed to initial contact effects and frame stiffening. SEM 

images and some atomic force microscopy were taken on the remaining fracture surfaces to 

provide insight to the fracture roughness relative to fiber roughness. 

 

Figure 4.24 – Typical micropillar test, exampled is composite HNLS_40nm [163]. A) Pretest with 

indenter tip just before contact, CVI defects are observable at the causing undulations in the 

multilayer interphase. B) Fracture surface following failure along the PyC interphase. Small 

carbon wisps are visible C) Load versus displacement curve. 

 

For each test, the failure load is extracted and resolved into shear and normal components 

relative to the interface orientation. The data is converted to shear and normal stress, and plotted 

using a Mohr-Coulomb (MC) failure criterion for interface property extraction [144], [162], [163].  

The MC criterion states that ultimate shear strength, τf, of a brittle ceramic is resisted by two 

components. The first is the interface debonding strength, τd, which is characteristic of the chemical 

bonding at the plane of fracture. The second is an internal friction resistance described by the 

coefficient, μi. This coefficient is different from traditional understanding of static or dynamic 

friction. Here it describes contribution of the resolved normal stress, σ, to debond resistance related 

to the tortuosity of the evolving fracture path. The equilibrium relationship between the ultimate 

shear strength, and the opposing resistances is described below 

𝜏𝑓 = 𝜏𝑑 + 𝜇𝑖𝜎          4-7 

 

At failure, the resolved stress is then a function of the peak load, Pf, interface incline, θ, and 

the inclined cross-sectional area; A = πD2/4*cos(θ) and D is the pillar diameter. Equation 4-7 can 

then be represented in a more useful form for experimental design and property extraction by 

𝑃𝑓∗𝑠𝑖𝑛𝜃

𝐴
= 𝜏𝑑 + 𝜇𝑖

𝑃𝑓∗𝑐𝑜𝑠𝜃

𝐴
              4-8 

 

By testing across a range of interface incline, thereby changing the ratio of resolved shear and 

normal stress, a unique failure envelope is acquired for each micropillar set within a given 
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composite type. When plotted in Mohr’s space (τ vs σ), applying the linear relationship formulated 

above allows the extraction of τd and μi as the intercept and slope, respectively. Figure 4.25 shows 

a schematic of the micro-pillar, and the corresponding stress diagram. 

 

Figure 4.25 – Representative schematic of micropillar structure with the MC resolved stresses 

boxed in red, and the resisting material properties boxed in green, adapted from ref. [163]. 

 

4.4.3 Results 

The resolved shear and normal stress for each pillar is plotted in Mohr’s space for its respective 

interphase type, shown in Figure 4.26. Individual error bars are derived based on uncertainties in 

the system measurements. All SEM measurements were assumed ±3%. Error associated with the 

machine output was applied following the nameplate values of ±5 μN and ±1 nm for load and 

displacement respectively. Error was propagated for calculation of cross-section, vector resolution, 

and stress. The plotted data is fit in OriginPro (2020) with a York linear regression to capture the 

respective contribution from x and y error. This is somewhat deceptive considering the shear and 

normal stress are resolved from the same load, meaning the x and y error are covariant. However, 

the standard regression shows similar values and the York method is thought to capture uncertainty 

associated with inverse sensitivity of cosine versus sine at small and large θ. The intercept and 

slope for each interphase condition are tabulated in Table 4.5.  Figure 4.26 shows the MC plots for 

all 11 interphase conditions where HNLS plots are green and SA3 plots are yellow. The irradiated 

conditions are plotted in pink on the same graph as their unirradiated counterpart that contains the 

same fiber type and interphase structure. The control / irradiated pairs are as follows: SA3_70nm 

/ SA3_55nm_4.5dpa_760°C, HNLS_150nm / HNLS_150nm_11.8dpa_280°C, and HNLS_40nm 

/  HNLS_40nm_0.97dpa_350°C. Note that the SA3 couple were not produced in the same batch 

but were both produced by the same company (GA), so the starting PyC structure prior to 

irradiation is expected to be similar. The 0.97 dpa and 11.8 dpa samples were fabricated in the 

same batch run as their counterpart.  
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Figure 4.26 – MC criterion applied to SA3 and HNLS micropillars with varying PyC thickness 

and irradiation conditions. 
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The 4.5 dpa SA3 sample only had three pillars tested which did not provide enough data for 

reasonable fit. However, the τf values for pillars of the same incline (θ~63°) of the unirradiated 

counterpart were comparatively higher, suggesting that further data would show a fundamental 

decrease in τd. 

Table 4.5 summarizes the linear fit extracted properties for all composite interphase conditions. 

These values can be compared to push-out and bulk tensile hysteresis loop data of Table 3.2.  Since 

the only difference between SA3 and HNLS (in the context of this experiment) is the surface 

roughness, we have tabulated a value representing a normalized thickness as the ratio of PyC 

thickness to fiber root mean squared roughness (hPyC/RRMS). This allows for direct comparison of 

the property values between fiber type and provides valuable input for design optimization. Here 

the RRMS is taken as 3 nm and 10 nm for HNLS and SA3 respectively [56], [57]. 

Table 4.5 – Mohr-Coulomb shear properties of the PyC interphase 

Composite interphase hPyC/RRMS  τd (MPa) µi # pillars TEM 

SA3_70nm 7 154 ± 31 0.65 ± 0.11 13 Yes 

SA3_130nm 17 191 ± 30 0.33 ± 0.06 16 Yes 

SA3_720nm 70 183 ± 22 0.29 ± 0.05 12 No 

SA3_30nm_granular 3 39 ± 33 0.84 ± 0.16 7 Yes 

SA3_150nm_granular 15 226 ± 30 0.36 ± 0.05 11 No 

SA3_55nm_4.5dpa_716°C 5 - - 3 No 

HNLS_40nm 13 178 ± 16 0.37 ± 0.05 16 Yes 

HNLS_150nm 50 158 ± 15 0.21 ± 0.06 15 No 

HNLS_1350nm 450 122 ± 19 0.20 ± 0.09 7 No 

HNLS_40nm_0.97dpa_350°C 13 102 ± 10 0.38 ± 0.06 10 Yes 

HNLS_150nm_11.8dpa_280°C 50 8 ± 12 0.94 ± 0.09 7 No 

 

4.4.4 Discussion 

SEM and TEM of the pillars before and after failure provide insight to structure property 

relationships. For all pillars with PyC thickness greater the ~100 nm, it was observable in the SEM 

that failure was occurring at the fiber side of the PyC interphase. Furthermore, the fracture surfaces 

exhibited two district characteristics. The first is wispy structures protruding from the surface seen 

in Figure 4.24, which is likely small amounts PyC fragments remaining on the fiber side. The 

second, as observed with the microtensile testing, was a uniform distributed texture that resembles 

the surface roughness of the respective fiber. Figure 4.27 shows the fracture surfaces for 

HNLS_40nm and SA3_720nm, where SA3 is clearly more tortuous. To further explore the 

relationship between fiber roughness and fracture path tortuosity, atomic force microscopy 

measurements were performed on the fracture surface of SA3_720nm. Figure 4.27 presents the 

roughness data and overlaid AFM surface map from the SA3_720nm fracture surface, tabulating 

RRMS ~8 nm. This value is at the lower bound of literature values for fiber surface roughness of 8-

12 nm [56], [57], supporting the claim that fracture tortuosity is influenced by fiber roughness. 
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Figure 4.27 – (Left) SEM fractography evaluation of fracture HNLS_40nm and SA3_700nm 

micropillars. Fracture surfaces of the micropillars show roughness texture similar to the fiber 

surfaces above, reproduced with permission from ref. [56], copyright John Wiley and Sons 2010. 

(Right) AFM scan of SA3_720nm fracture surface, and tabulated roughness data. 

 

The TEM investigation of the first PyC layer before and after failure was carried out to 

understand the degree of cohesive vs. adhesive failure at the fiber side of the interphase, and the 

defects contributing to failure. Texture was characterized quantitatively with HRTEM O.A. 

analysis described in previous sections. Two of samples, SA3_70nm and SA3_135nm were 

specifically fabricated to explore the PyC structure. The other TEM foils were originally made to 

evaluate microstructural evolution of the fiber, and thereby we have limited HRTEM images of 

the PyC. In these cases, qualitative estimates were assigned as low, medium, and high texture (LT, 

MT, and HT). In total, five un-altered interphases and one from a fractured pillar where the cap 

remained were studied. A comprehensive example is shown in Figure 4.28 for HNLS_40nm with 

pristine and fractured interphase samples, and its counterpart HNLS_40nm_0.97dpa_350°C. The 

top row shows macroscopic view of the multilayer interphase with the 40 nm thick first layer, and 

an HRTEM image of the most texturally uniform region observed along that interface. The far-

right image is the 0.97 dpa irradiated sample, again showing the most uniform region observed. 

Comparing the two, the most distinct difference was a potential reduction in lattice fringe length. 

This seems possible considering as irradiation damage creating point defects in graphitic lattice, 

thereby reducing graphene plane continuity. However, the overall fringe and domain orientations 

appeared equivalent to the unirradiated sample showing LT-MT regions throughout. 



 

 

74 

 

 

     

Figure 4.28 – TEM micrographs of the HNLS_40nm and 0.97 dpa irradiated counterpart. (Top) 

HNLS_40nm TEM lift-out showing uniform multilayer scheme with thick first layer PyC. HRTEM 

at the fiber/PyC interface of the unirradiated sample, showing the most ordered region found. 

HRTEM at the fiber/PyC interface of the 0.97 dpa irradiated sample, showing the most ordered 

region found. (Bottom) Fractured micro-pillar suitable TEM foil fabrication. Far field image of 

the fracture surface on the fiber side showing, crack path following the fiber roughness. HRTEM 

image of deformed PyC layer as a result of failure, showing a thin layer of carbon remaining on 

the fiber surface. The 002 graphite-like planes are visible and suggest fracture is occurring along 

the weak basal planes [163]. 

 

The bottom row of Figure 4.28 is a zoom sequence for HNLS_40nm showcasing the TEM foil 

of the sheared micropillar, macroscopic view of the fracture surface, and HRTEM of the PyC that 

remained on the fiber side of failure. Macroscopically, the fracture follows the tortuosity of the 

fiber surface. Of course, this interphase PyC thickness of ~40nm is on the order of the max peak 

to valley roughness of the HNLS, so the fracture necessarily follows the total roughness. However, 

because the AFM results on the thick PyC of SA3_720nm also corresponded to the fiber 

roughness, it is proposed that there is an inherent weakness in this region that drives failure. The 

fracture surface shows that ~5-20 nm of PyC remains at the fiber surface, suggesting the fracture 

path followed more closely the fiber side as opposed to the matrix side. 

The HRTEM image of the PyC at fracture exhibits a more disorder texture compared to the 

unfractured interphase, and that the fracture path failure follows the graphitic basal plane in these 

domains. The overall disorder suggests that the graphitic layers may have bent or rolled at some 

point during the compressive shear failure. Although potentially an artifact of post failure sliding, 

it is reasonable to posture that this deformation could occur simultaneously with interplanar slip 

during initial debond, affecting the shear properties. The relative degree of graphitic slip versus 

bending and rolling is not fully understood. A recent MD model for textured PyC suggests that 

slip is resisted by interplanar crosslinking and that reducing cross-links decreased the total shear 

strength [68]. Previous TEM analysis in this report and from literature have shown that CVI PyC 
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exhibits increased basal plane texture as a function of distance from the fiber surface [104]. This 

would suggest the shear strength is minimized away from the fiber surface as the lattice structure 

approaches that of highly oriented pyrolytic graphite, with nominal interlayer shear strength on the 

order of ~140 MPa [209]. However, because failure was observed very close to the fiber side, even 

when the PyC is very thick, it is thought that defects and potential stress concentration evolving at 

the sharp asperity features may drive failure in the more disordered PyC regions at the fiber 

surface.  

Figure 4.29 explores the observed defects across the different interphases. HNLS_40nm shows 

large carbon contaminants at the interface and resulting low texture PyC around those regions. 

This can be compared to texture in Figure 4.28, supporting that the PyC texture can vary 

significantly from location to location within the same composite. Generally, this was observed 

across all TEM foils, across thicknesses, and at different locations along the fiber axis. The 

SA3_30nm_granual TEM sample shows the magnitude of the SiC deposits dispersed in the PyC. 

These precipitates are up to 300 nm in diameter and were observed adjacent within 10 nm of the 

fiber surface. The SA3_150nm granular did not receive TEM, but the SEM images showed a 

uniform first layer thickness, and it is assumed the SiC deposits were not embedded close enough 

to interact with the fiber.  The SA3_70nm TEM results showed significant distribution of low-

density regions resembling cracks up to 200 nm. They appear as diffuse delamination between 

basal planes within the PyC. It is unclear if these evolved as part of the CVI process, stress relief 

during TEM foil lift-out, or are as a result of mechanical polishing. In any case, it is expected that 

this defect distribution also existed in the pillars. O.A. of continuous PyC regions ranged from 70 

to 90 which is in the MT to LT regimes. The SA3_135nm sample showed the most consistent 

interphase with uniform deposition and almost no CVI soot defects. Still, at sharp valleys in the 

fiber roughness, porosity was observed ranging up to 30 nm.  
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Figure 4.29 – TEM results on pristine interfaces with associated descriptions of the defect and 

PyC texture observations. SA3_30nm_granular reproduced from ref. [163]. 

 

For the other samples that did not receive TEM, it is assumed that they similarly exhibit 

uniform low and medium texture distribution throughout their PyC thickness and can contain 

porosity associated with the fiber surface up to 30 nm. The only exception is the irradiated sample 

HNLS_150_11.8dpa_280C that showed significant porosity throughout the interphase, visible by 

SEM. Figure 4.30 shows a side by side comparison of the irradiated and counterpart control 

sample. The interphase shows porosity evolution on matrix side and carbon diffusion on the fiber 

side. Both observations are expected in the context of graphite and SiC fiber irradiation damage 

evolution. Nanocrystalline carbon materials with graphitic character have been shown to first 
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shrink as porous defects are filled via vacancy-interstitial diffusion, then experience directional 

growth depending on the degree of basal plane texture. If highly oriented irradiation induced 

growth is observed in the c-axis and shrinkage in the a-axis [26], [34], [210]. It is proposed that 

during the initial shrinkage phase, PyC pulled away from the matrix side creating the observed 

interfacial porosity. It is unclear if subsequent direction growth occurred. As for interfacial 

diffusion at the fiber side, it is known that the fibers contain nanocrystalline SiC often containing 

impurities and secondary carbon phases (C/SiC ~ atomic ratio ~1.05). TEM evaluation of the 

11.8dpa irradiated fiber showed dissolution of these secondary phases [27]. This behavior in 

conjunction with nanocrystalline grain boundaries explains the observed diffusion couple. 

Ultimately, this was the only sample to show failure along the matrix/PyC interface, clearly a result 

of the porosity which showed diameters as large as 500 nm. This also explains the behavior of the 

MC curve that shows a very large internal friction and low debond shear strength. The porosity 

provides large defects that drive fracture. The tortuous fracture between pores explains the large 

internal friction coefficient. 

 

Figure 4.30 – Pillar side-by-side of HNLS_150nm and HNLS_150nm_11.8dpa_280°C. Significant 

porosity on the matrix side and carbon diffusion on the fiber side is observed.  

 

To summarize the SEM and TEM structure and fracture results, regardless of thickness (up to 

135 nm) the texture of the PyC showed random variations between medium and low textures and 

can exhibit dispersed nanoscale porosity near the fiber surface. Other, more significant defects can 

also evolve depending on process and environmental conditions including void-type and inclusion 

type defects. The largest and most densely distributed were the pre-cracking in SA3_70nm, SiC 

inclusions for SA3_30nm_granular, and porosity in the HNLS_150nm_11.8dpa_280C. Table 4.6 

tabulates the identified and estimated characteristics of the respective interphases. 
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Table 4.6 – SEM and TEM interphase structure summary  

Composite interphase Manufacturer O.A. Defect observations 

SA3_70nm RR 70-90 
Diffused pre-cracking within PyC 

up to 200 nm 

SA3_130nm GA 60-90 
Nanoporosity up to 30 nm at fiber 

surface  

SA3_720nm GA *MT-LT 
*Nanoporosity up to 30 nm at fiber 

surface  

SA3_30nm_granular RR *MT-LT 
SiC deposits with potential 

impingement at fiber surface 

SA3_150nm_granular GA *MT-LT 
*Nanoporosity up to 30 nm at fiber 

surface  

SA3_55nm_4.5dpa_716°C GA *MT-LT *Irradiation induced point defects 

HNLS_40nm RR *MT-LT 
CVI soot deposits up to from nano 

to micron length scale 

HNLS_150nm RR *MT-LT 
*Nanoporosity up to 30 nm at fiber 

surface  

HNLS_1350nm RR *MT-LT 
*Nanoporosity up to 30 nm at fiber 

surface  

HNLS_40nm_0.97dpa_350°C RR *MT-LT Irradiation induced point defects  

HNLS_150nm_11.8dpa_280°C RR *MT-LT 
Irradiation induced porosity up to 

500 nm   

* Estimated values based on comprehensive TEM and SEM results 

From the combined data in Table 4.5 and Table 4.6, property-structure relationships can be 

drawn regarding the evolution of intrinsic properties as a function of interphase architecture and 

irradiation. Figure 4.31 explores the relationships graphically in semi-log plots comparing the 

fundamental property values against the normalized thickness. The general trend shows decreasing 

τd and μi with increasing normalized thickness.   

Looking at the τd plot in Figure 4.31-A, there are four outliers from the general trend. Further 

inspection shows that these outliers are the composite interphases with the most aggressive defects, 

pointed out and overlaid on the graph. Of the low strength outliers, the most deleterious defects 

are the large porosity observed for the 11.8 dpa sample and the granular SiC impingement at the 

fiber surface of SA3_30nm_granular. Both defect types are likely to evolve stress concentrations 

that cause pre-mature failure. The diffuse longitudinal cracking in SA3_70nm and the point defect 

0.97 dpa sample also showed reduced strength but with less intensity from their respective defects. 

With respect to HNLS_50nm_0.97dpa_350C, irradiation induced point defects may lead to 

microstructural changes within the turbostatic graphite-like structures [211]–[213]. For thought, 

consider a perfect graphite lattice for which shear failure occurs at the weakly bound basal planes. 

As irradiation displaces atoms from the hexagonal framework, it can be conceived that there is an 

effective reduction in basal plane surface area, resulting in reduced strength. In addition, the 

damage may result in new stacking and basal plane arrangement, some of which may have less 
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strength than the others. The remaining unirradiated samples, which showed relatively uniform 

MT to LT PyC and limited porosity, express a power law relationship identified by the linear fit 

in semi-log space. The fit parameters provide a phenomenological equation to describe the 

fundamental shear strength as function of fiber roughness and PyC thickness. Because the 

independent variables are tailorable, this provides a powerful path for composite design and 

optimization.  

This data is also compared to fiber push-out data of Yang et al., who performed a robust test 

series on composites of similar fiber type [149]. Here, their data was normalized according to the 

RRMS values presented in their paper. For interphase thickness greater than 50 times the roughness, 

the data aligns very well with the micropillar compression data. However, as the PyC thins, the 

values for push-out data increase dramatically. This is attributed to the shear lag effect where 

lateral expansion of the fiber during push-out produces a nonuniform radial compressive stress 

along the fiber axis that is challenging to quantify precisely. As a result, the increased resistance 

from internal friction is poorly captured and the values for shear strength artificially increase. The 

micropillar compression provides a uniform stress state that allows unique extraction of 

dependence on compressive normal stress, given by the coefficient of internal friction μi. This data 

is plotted in Figure 4.31-B, showing an exponential relationship in semi-log space. For this 

property, all samples that failed near the PyC/fiber interface show consistent dependence on the 

normalized roughness and follow the overlaid phenomenological fit. The sharp increase at 

hPyC/RRMS ~10-20 (when Rmax is approximately equal to hPyC) suggests there is a threshold ratio at 

which interlocking between the SiC surfaces has an exponential influence on the total shear failure 

resistance. This has major implication when considering interphase design. The only outlier is the 

11.8dpa interphase. It is expected that the crack path evolved through the pore network creates an 

independent and much larger roughness compared to the fiber surface, therefore leading to a larger 

internal friction coefficient that deviates from the fit. It can be noted that the other defected 

interphases with pre-cracking and SiC inclusions still follows the phenomenological trend, 

suggesting the fiber roughness and resulting SiC interlocking is the dominating mechanism for 

compressive stress dependence. 
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Figure 4.31 – Micropillar MC data. Semi-log plots of the fundamental debond shear strength and 

internal friction coefficient versus the normalized thickness. Phenomenological equations are fit, 

and the resulting equation overlaid on the respective plots. Literature values for fiber push-out 

are shown on the normalized plot for debond strength.  

 

Failure location is typically governed by path of least resistance, which can be a result of weak 

microstructural path and/or the elastic mismatch between the interfacing materials [214], [215]. 

As shown in Figure 4.22 this material system expresses a very large elastic mismatch with α > 

0.85 and assumes β = 0, meaning the crack will tend to kink toward the softer PyC. Because the 

crack is consistently observed near the fiber surface, it is suggested that the crack propagation is 

driven by the microstructurally weak path. Also, because there is remaining carbon at the fiber 

surface it suggests the initial bond with the fiber is not weakest, but rather the nano-porosity, PyC 

domain boundary disorder and CVI inclusion defects provide the weakest path. These conclusions 

are drawn based on the limited sampling area of TEM but are likely representative. To improve 

toughness, one could improve uniformity and quality of the CVI process to reduce defect density 

near the fiber surface, allowing for crack meandering in the PyC layer.  
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Ultimately, it is proposed that failure initiates in the defect network near the fiber surface. If 

the PyC is thin, then the crack necessarily follows the roughness fiber surface. If the PyC is much 

greater than the fiber roughness (hPyC /RRMS >50), the fracture path is less constrained and can 

flatten relative to the roughness but is continuously drawn toward the fiber surface by means of 

the defect dense region. The reduced constraint and dulled tortuosity is proposed to reduce both 

properties. With less constraint, the graphitic slip and domain bending and rolling may be easier. 

The dulled fracture path then is responsible for the decrease in internal friction. The AFM results 

in Figure 4.27 support that the fracture path in very thick PyC still follows the fiber roughness but 

is at the lower bound value compared to literature, supporting that the fracture roughness may have 

been reduced relative to the true fiber roughness. Continued AFM of all fracture surfaces would 

shed light on this claim. A schematic representation of the proposed fracture path for thin and thick 

PyC is shown in Figure 4.32. 

 

Figure 4.32 – Schematic of fracture path for thin and thick PyC composites. Both follow the fiber 

surface but the thick PyC fracture is less constrained by the matrix allowing for a less tortuous 

path. 

 

From a modelling perspective the structure-property relationships extracted from Figure 4.31 

provide mechanistically informed properties at the constituent scale. Provided initial radial 

clamping stress, σR, given as a function of thermal elastic properties, fiber roughness, and 

irradiation induced swelling in equation 4-9, the ultimate failure shear strength can be implemented 

as a dynamic property into analytic and numerical models. The clamping stress associated with 

roughness, thermal elastic mismatch and irradiation have been discussed elsewhere [11], [56], 

[57]. Combining equation 4-7 and equation 4-9, with σ = σR, and the respective empirical fits from 

Figure 4.31 provides a phenomenological equation, 4-10, to describe the ultimate failure shear 

strength as a function of interphase architecture and dynamic radial compressive stress.   

𝜎𝑅 = 𝜎𝑎𝑝𝑝 + 𝜎𝑡ℎ + 𝜎𝑟𝑜𝑢𝑔ℎ + 𝜎𝑖𝑟𝑟             4-9 

 

𝜏𝑓  (𝑀𝑃𝑎) = 273.7 (
ℎ𝑃𝑦𝐶

𝑅𝑅𝑀𝑆
)

−0.12

+ (𝜎𝑎𝑝𝑝 + 𝜎𝑡ℎ + 𝜎𝑟𝑜𝑢𝑔ℎ + 𝜎𝑖𝑟𝑟) (0.25 + 0.99𝑒
−0.15(

ℎ𝑃𝑦𝐶

𝑅𝑅𝑀𝑆
)
) 4-10 
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A final note on the irradiated samples and their counterparts is that they received macroscopic 

composite tensile testing [10], [27]. The bulk composite performance for the 0.97 dpa sample 

showed a reduction in ultimate tensile strength from 281 MPa to 207 MPa [10]. This makes sense 

as a weak interface increases debond length, increasing load bearing fiber volume, thereby 

increasing likelihood of fiber and composite failure. The 11.8 dpa composite showed retention and 

potential increase in ultimate tensile strength from 412 MPa to 486 MPa [27]. Even though 

degradation of τd is observed with irradiation, it is possible that a desirable debond length was 

maintained, as the tortuous fracture path that adds frictional resistance behind the crack tip 

effectively redistributes load between the fiber and matrix. It is this insight to the balance between 

frictional resistance and debond strength that provides a powerful tool for interface design and 

optimization of the lifetime and evolution of the PyC during operation. 

The strength-based approach has provided a robust structure-property relationship that can 

easily find application in analytic and numerical models. However, the distribution and size of the 

defects clearly influenced the observed fundamental strength τd. Based on the TEM and SEM defect 

characterization, it was attempted to evaluate the mode II fracture energy release rate for applicable 

interphases. Similar to the evaluation in the tensile section, the mode II fracture energy release rate 

is calculated using Griffith’s energy criterion defined here by equation 4-11. In this case, the 

critical fracture energy is dependent on the shear modulus and the debond shear strength of the 

interphase.  

𝛤𝐼𝐼  =
𝜋𝑎𝜏𝑑

2

𝐺𝑃𝑦𝐶
            4-11 

 

There is a range of shear moduli estimated for PyC depending on experiment and model type, 

showing values from 0.2 – 26 GPa, most between 0.2 and 2 GPa [67], [71], [190], [198], [216]. It 

can be noted that the value of 26 GPa comes from the nanoscale elasticity homogenization efforts 

by Lin et al., that was explored and supported by the DIC micropillar compression experiment. 

However, because the DIC method was not explicitly exploring the shear characteristics, and the 

homogenization theory has not been fully flushed out with experimental proof, a value of 1 GPa 

was chosen here for fracture energy calculations. It was chosen only to evaluate the samples with 

consistent distribution of void-type defects which includes the ~200 nm diffused pre-cracks of 

SA3_70nm and the ~500 nm pores of HNLS_150nm_11.8dpa_280C. The results are shown in 

Table 4.7. 

Table 4.7 – Mode II fracture energy release rate from micropillar compression. 

Composite interphase Defect type τd (MPa) Est. a (nm) ΓII (MPa) 

SA3_70nm Diffused pre-cracking 154 200 15 

HNLS_150nm_11.8dpa_280°C 
Irradiation induced 

porosity 
8 500 16 

 

It is found that ΓII is nearly equivalent for irradiated and unirradiated PyC. This is not 

unexpected as brittle materials typical stay brittle with irradiation, and nuclear graphite has been 

shown to retain fracture behavior with irradiation [213], [217]. For brittle systems ΓII is typically 



 

 

83 

 

 

three to four times larger than ΓI [218]. As discussed in the microtensile section, most estimates 

for mode I fracture energy are around 0.2-5 J/m2 which aligns with this relationship, supporting 

the findings here. Ultimately the fracture energy data here are rough estimates, and confidence 

would be vastly improved with a dedicated study to characterize the defect size and distribution. 

4.4.5 Conclusion 

Micropillar compression was applied to 11 composite interphase conditions to explore the 

structure-property relationships as it relates to shear failure behavior. This method applies a 

simplified and tailorable stress state enabling extraction of an additional property, the internal 

friction coefficient, μi, that describes the strength dependence on compressive normal stress. 

Because of this, it is thought that this advanced technique and analysis provides more reliable and 

useful data compared to fiber push-out. The intrinsic properties and phenomenological 

relationships established here provide a path forward to model development that can handle 

dynamic changes in compressive stress at the interface whether from fabrication or component 

loading. This opens the door for advancing composite design and optimization. 
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4.5 Kinetic friction coefficient of the SiC/PyC/SiC interphase: Novel fiber fretting test  

4.5.1 Introduction  

The friction behavior of the deflected crack along the fiber/matrix interphase plays a critical 

role in overall composite toughness. Frictional sliding provides a source of energy absorption 

during deformation as well as a mechanism to uniformly distribute load between the fiber and 

matrix. This load distribution drives multiple matrix cracking and microcrack spacing. Under 

vibrational loading, these microcracks open and close causing cyclic wear of the debonded 

interface [45], [93], [133]. In an LWR, turbulence from coolant flow is expected to induce cladding 

vibrations from 20-60 Hz [219]. The frictional degradation of the interphase continuously 

redefines the local load distribution, where over-loading and frictional pinching of the fiber can 

initiate composite failure [128]–[130], [220]. This is especially true in oxidizing environments 

[46], [221]. 

Fiber push-out and composite hysteresis testing have been industry standards for evaluating 

the fiber/matrix interface properties responsible for global behavior [131], [150], [152], [155], 

[156], [163]. Fiber push-out tests, as well as micro-pillar compression, provide direct property 

extraction but are limited in their ability to characterize cyclic friction and degradation over time. 

Hysteresis testing of minicomposites provides information on the macroscopic cyclic behavior but 

requires complex deconvolution of the stress-strain data to estimate the interfacial degradation 

[10], [56], [57], [126], [128]. These estimates are then re-integrated into non-dimensional 

parameters and applied to the predictive models [129], [220]. The fidelity of these models could 

be vastly improved with direct extraction of the tribological properties and responsible 

mechanisms. Given these limitations, other parameters and assumptions in the analytical models 

can be re-evaluated while having confidence in the underlying constituent behavior.  

In recent years, accelerated evolution of small-scale mechanical testing has provided a variety 

of methods and resulting studies enabling unique and approachable experiments [185], [188], 

[222]. With scientific motivation and state-of-the-art equipment, a new SSMT technique was 

developed to provide more useful friction data for constitutive models. The method, termed “fiber-

fretting”, applies a typical scratch stage and modified indenter tip with integrated transducer to 

grab, debond, and cycle an isolated fiber segment. Control over the applied compressive load 

alleviates some uncertainties regarding residual stress and shear lag normally associated with fully 

constrained tests [57], [136], [223]. Furthermore, the process relies on a relatively simple 

combination of mechanical polishing and FIB milling techniques. This research is intended to 

explore and document a relatively simple method for probing constituent level tribo-properties of 

the as-fabricated composite, across a variety of environments. Here, this methodology is explored 

with a case study on the SiC/PyC/SiC interphase.  

Tribological considerations 

Tribological characterization aims to understand the interplay between the observed 

experimental properties and the responsible mechanisms. According to the law proposed by 

Bowden and Tabor [224], the friction force, PX, evolves by combination of adhesion force, FA, 

and plowing force, FP, given by equation 4-12, 

𝑃𝑋 = 𝐹𝐴 + 𝐹𝑃             4-12 
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where FA depends on active bonding sites and shear strength of the contacting surfaces, and 

FP on surface roughness and hardness. Additional factors including wear debris, velocity, 

lubrication, and environment drive the associated wear mechanisms and resulting friction 

coefficient [224], [225].  

Adhesive wear is governed by local welding at the contacting surfaces and subsequent debond 

and transfer of that material [224]–[226]. Resistance increases when surface bonding is favorable, 

e.g., between similar materials, when dangling bonds are present, and in vacuum. Resistance 

decreases when the active bonding sites are passivated, for example when surfaces oxidize. 

Abrasive friction is common for hard ceramic materials and typically governed by asperity fracture 

and plowing that causes third body wear debris [226]. These particles exacerbate plowing, thereby 

increasing the relative contribution of FP. Both the friction coefficient and wear rates typically 

increase in abrasive conditions compared to adhesive.  

In this study, the friction system consists of SiC surfaces interfacing with the PyC solid 

lubricant bond layer. The fracture location and PyC thickness (hPyC) relative to the max fiber 

surface roughness (Rmax) determine the degree of SiC on SiC asperity interaction. For hPyC /Rmax < 

1, the sliding resistance is likely governed by SiC asperity shearing and plowing. For hPyC /Rmax 

~1, mixed shearing contribution from SiC and PyC is expected. For hPyC /Rmax >> 1, failure can be 

adhesive at the SiC/PyC interface or cohesive within the PyC. The former suggests mixed shearing 

from PyC and SiC, while the latter is shearing exclusively of the PyC. 

Tribological behavior of SiC and graphite are well studied across many material allotropes, 

couples, and environments [227]–[233]. As a brittle ceramic, SiC usually degrades following 

abrasive mechanisms like asperity chipping and surface cracking. The wear rate is dependent on 

grain size, texture, and additives, with typical kinetic friction coefficient (μk) values between 0.2-

0.8 depending on environment. Graphitic materials, like PyC, provide desired lubricity due to 

weakly bound basal planes of the anisotropic sp2 ring structure. However, the relatively soft 

material is subject to structural damage from both mechanical and thermal loading. Degradation 

of the sp2 ring structure can introduce active carbon sites that compromise the lubricious quality 

[234]. Orientation of the basal planes also plays an important role, influencing active site density 

at the tribo-surface [235]. Graphite-like materials  are particularly sensitive to environments where 

both physio- and chemisorption of gasses and moisture can reduce the Van der Waals bonding 

between the basal planes [230], [234]. Increasing temperature, from the working environment or 

flash heat generated by asperity contact, can promote gas and moisture absorption that helps 

maintain low friction by passivating these active sites [231]. However, as temperatures approach 

500℃, oxide and hydrocarbon volatilization become a major concern. All considered, friction 

values for graphitic carbon have shown to range from 0.05 to 0.5 depending on environment [230].  

Raman spectroscopy is commonly applied to understand the relationship between carbon 

structure and friction values [233], [236]–[239]. Raman is an excellent tool for carbon 

characterization with robust analyses developed to quantify myriad characteristics including 

crystallinity, sp2 fraction, structure clustering, and bond degradation. There are two prominent 

peaks in the Raman spectra of graphitic carbon, the D band appearing at ~1355 cm-1, and the G 

band at ~1581 cm-1. The D band appears due to the A1g breathing mode and requires a defect for 

its activation. The G band originates from the E2g stretching mode and occurs at all the available 

sp2 sites, ring or chain [238]. For nano-crystalline graphite-like CVI PyC, the intensity of the D 

band relative to the G band (ID/IG) reveals information on graphite cluster size and thereby 

degradation of the clusters. The G peak position provides insight to the amount of structural 
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degradation as sp2 phonon modes soften with reduced ring structures. Ferrari et al., proposed a 

phenomenological trajectory that maps the expected G-peak shift and ID/IG from graphite to 

diamond in three stages [238]. Moreover, the G peak width can indicate possible surface structural 

disorder, such as variations in bond lengths and angles in sp2 clusters [240]. Given the spectra 

evolution for different stages of the test, conclusions can be drawn regarding the damage state of 

the PyC. This experiment was developed in SEM vacuum at ambient temperatures for controlled 

investigation of material-specific properties and mechanisms. However, testing in ambient 

pressure or in artificially hydrated atmospheres is similarly possible.  

Experiment design 

A single fiber, tow, or woven composite can be polished along the fiber’s longitudinal axis to 

expose the underlying fiber. It should remain embedded in the matrix and have at least one-half of 

its diameter polished away to minimize residual stresses and avoid complex stress states during 

testing. Subsequently, FIB milling is used to polish additional material off the top and to trench 

two locations that results in an isolated fiber segment with a semi-cylinder cross section. Figure 

4.33 shows a schematic of the basic segment geometry and testing.  

 

Figure 4.33 – Schematic of fiber fretting test configuration and load distribution considerations.  

As the segment slides in Figure 4.33-B, the contact length, L(x), is reduced resulting in a 

systematic stress oscillation. The center of the segment is always in contact while the segment ends 

are completely unloaded and reloaded. The mean stress for each region is then dependent on the 

applied load and amount of lateral displacement. This overhang is user defined. Considerations 

include matching reality based on observed crack opening in minicomposite tests (see 4.5.6), 

available space for translation as it relates to cost of FIB fabrication, and the machine’s load and 

displacement resolution.  

The applied normal load, P, resolves along the arc length of the segment following a cosine 

relationship, peaking at the centerline (θ=0) where the resultant force, PZ, is equal to the prescribed 

load. This is simplified assuming the peak load acts uniformly on the projected area of the segment, 

similar to nano-indentation analysis, Figure 4.33-A. Provided the force data, PX and PZ, the kinetic 

friction coefficient can be calculated as follows with the Coulomb friction law that assumes contact 

area independence:  
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𝜇𝑘 =  
𝑃𝑋

𝑃𝑍
              4-13 

 

If there is misalignment relative to the scratch direction, the fiber segment may impede on one 

wall of the channel while separating from the opposite. This produces an additional force in the y 

axis, PY, with magnitude that depends on the degree of misalignment. Like PZ, PY is orthogonal to 

PX and therefore contributes to the friction relationship. Assuming the mechanism of frictional 

resistance is the same for PY and PZ, they can be summed with vector length 

 𝑃𝑌𝑍 = √𝑃𝑌
2 + 𝑃𝑍

2               4-14 

 

The direction of this vector is no longer orthogonal to the projected area, but physically 

represents a translation of the peak orthogonal load along the semi-cylindrical fracture surface, 

depicted in Figure 4.33-C, around which the orthogonal load decays following the aforementioned 

cosine relationship. Physically this may impact the location of maximum wear in the channel, but 

otherwise the simple Coulomb relationship holds true and becomes:  

𝜇𝑘 =  
𝑃𝑋

𝑃𝑌𝑍
                      4-15 

 

4.5.2 Experimental 

Materials 

Single fiber and single tow (~500 fibers), referred to as micro- and minicomposites 

respectively, were evaluated in this research. General Atomics (GA) manufactured two composite 

sets with two types of SiC fibers, one prescribed Hi-Nicalon Type-S (HNLS) and the other an early 

generation Tyranno S (S) fiber [32]. Chemical vapor infiltration (CVI) was used to consolidate the 

fiber preforms by depositing a monolayer of pyrolytic carbon (PyC) followed by a dense (~95%) 

β-SiC matrix. Scanning and transmission electron microscopy (SEM and TEM) were carried out 

to evaluate the PyC thickness (hPyC), fiber and PyC structure, and to examine relative fiber surface 

roughness. The major difference between each sample is the combination of fiber and PyC 

thickness, named H-thick, H-thin, S-thick, and S-thin respectively. Table 4.8 outlines the 

composite characteristics.  

Table 4.8 – composite characteristics for fiber fretting testing 

Name H-thick H-thin S-thick S-thin 

Composite type Single fiber Single tow Single fiber Single tow 

Fiber HNLS HNLS S S 

Fiber tilt (°) 0.3 1.5 0.6 0.8 

hPyC (nm) 500 23 1200 11 

hPyC/Rmax ~25 ~1 ~50 ~0.5 

RRMS (nm) 4 5 

Rmax  (nm) 20 24 

λ0  (nm) 26 51 
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TEM showed that H fibers exhibited the typical grain structure and roughness characteristics 

as found in literature [26], [57]. S fibers were highly nano-crystalline with root mean square (RRMS) 

and max roughness (Rmax) similar to HNS. The major difference was the asperity wavelength, λ0, 

quantified as the average spacing of zero-point crossings at the mean centerline of the fiber surface, 

as seen on Figure 4.34-A,B. The S fiber wavelength was found to be twice as large as the H fibers. 

Deposition parameters for the PyC are proprietary. However, it is known that the precursor gas 

was a methane/H2 mixture, and the conditions were tailored to produce highly oriented 

nanocrystalline PyC. High resolution TEM near the center of the PyC bond layer of H-thick and 

S-thick verified this PyC structure, shown in Figure 4.34-C. The (002) lattice fringes were aligned 

parallel to the fiber surface, which is typical of ordered nanocrystalline CVI PyC [104]. The texture 

of the PyC was quantified via opening angle (O.A.) analysis [59]. Texture classification proposed 

by Reznik and Hüttinger [28] follows high texture (HT, O.A.<50°), medium texture (MT, 

50°<O.A.<80°) and low texture (LT, 180°>O.A.>80°). The images were processed with an auto-

threshold followed by an FFT transformation using FIJI image processing software [202]. Each 

FFT was analyzed in OriginPro using the Azimuthal Average Tool to extract grayscale intensity 

of the (002) diffraction arc as a function of angle. The peaks were fit with a Gaussian and the O.A. 

was taken as the average FWHM of the two peaks shown in Figure 4.34-D. An O.A. value of 49 

suggests the PyC is highly textured. 

 
 

Figure 4.34 – TEM micrographs of the fibers and PyC. A) PyC interface with HNLS fiber and 

overlaid surface trace used for roughness calculations. B) PyC interface with S fiber and overlaid 

surface trace. C) High resolution TEM of PyC far away from the fiber surface showing PyC (002) 

lattice fringes (Image C courtesy of Amit Sharma Empa Swiss federal laboratories). D) FFT of 

HRTEM lattice fringes showing O.A. = 49 corresponding to high texture. 
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Micro- and minicomposites were cut and polished with a Leica EM TXP micro-polishing 

instrument. Samples were mounted on an aluminum SEM stub with thermoplastic mounting 

adhesive and polished down to 3 μm using diamond lapping film with water lubricant. Figure 4.35-

A shows a typical cross-section of the micro-composite with embedded fiber. The integrated stereo 

microscope allowed incremental observation of the fiber exposure during polishing. Fibers, 

especially in the minicomposite samples, were not always parallel with the polishing plane. To 

find a suitably horizontal fiber, material was continuously removed until an exposed fiber 

exhibited an ellipsoidal cross-sectional with aspect ratio at least ~1:40, corresponding to an 

embedded tilt of < 1.5° [163]. This tilt has implication regarding segment plowing during the 

fretting tests. Polishing was terminated when the exposed fiber diameter was maximized, having 

reached the center plane of the longitudinal axis. The micro-composites were only 300 μm in 

diameter and therefore delicate. As a result, the mechanical polishing sometimes induced matrix 

cracking and debonding of the PyC, as was the case for composite S-thick. This impacted the 

ability to extract an initial debond strength but did not limit the evaluation of subsequent kinetic 

friction.  

The segment structures in Figure 4.35-B, termed “micro-sliders”, were fabricated via Ga+ FIB 

with a dual beam Tescan Vela microscope. Beam conditions were set at 30 keV with rough cuts 

made at 12 nA followed by 1 nA polishing. Fiber segments of ~15 μm length were fabricated via 

stair-step FIB trenches measuring 20×10×8 μm3 (W×L×H). The trench size was optimized to 

accommodate the gripper and reduce milling time, allowing up to 5 μm of lateral translation. Ga+ 

penetration depth at these conditions is expected to be less than 50 nm [174], [241], affecting less 

than 0.1% of the active friction surface. These FIB cuts are very simple and translate well for large 

sample yield. The semi-cylinder cross-sections of the H and S composite samples are shown in 

Figure 4.35-C. Dashed lines overlay the PyC interface of H-thin and S-thin to emphasize the 

location as the PyC is difficult to see. The images also show representative defects commonly 

observed at the interfaces including porosity and carbon nodules spurring from surface 

contaminants or CVI turbulence during deposition [59]. In total, six micro-sliders were fabricated 

for composites H-thick and S-thick, and four each for H-thin and S-thin. 
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Figure 4.35 – A) Typical polished composite cross-section with exposed fiber. B) Top-down view 

of H-thick micro-sliders that were batch milled with the FIB. Sliders 1-3 were originally given 

center holes for proof of concept conical tip testing. C) Series of images showing the transverse 

FIB cross-section of all four composite micro-sliders with semi-cylinder geometry.  

 

Testing 

The goal of the fiber fretting test is to gain fundamental understanding of constituent properties 

as they relate to composite behavior. To explore this relationship, minicomposite samples H-thin 

and S-thin also were tested in uniaxial tension inside the SEM. Testing was designed to observe 

damage evolution in the form of matrix crack spacing, Ls, and crack opening, Lo. This spacing is 

characteristically periodic and related to an approximated interfacial sliding stress [45], [61], τs, 

that can be contrasted to the direct fiber fretting values. The average microcrack opening was ~2 

μm, representing realistic interfacial translation that was then used to define cyclic displacement 

for the fretting tests. The tensile experiment and analysis are described in 4.5.6. 

The fretting experiment was developed using an Alemnis standard assembly indenter with 

scratch stage and SmarTip add-ons. Compressive load was applied with a Z-displacement piezo-

stack driver in closed-loop displacement control. A 0.5N load cell behind the sample recorded the 

initial load prior to fretting, as the load cell later becomes unreliable due to torqueing with lateral 

load. Cyclic fretting was applied with a piezo-driven scratch stage in open-loop displacement 

control. The scratch stage holds both the load cell and the sample, meaning the substrate moves 

while the fiber segment is held stationary by the gripper. The gripper is screwed to a SmarTip 

transducer that is mounted to the Z-displacement piezo-stack. The SmarTip is optimized for 
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instantaneous output of the PX, PY, and PZ forces as the substrate is displaced. This transducer 

consists of four independent piezo sensors that measure instantaneous potential during the test. PX 

and PY forces are calculated from differential potentials of the orthogonal axisymmetric pairs (i.e., 

piezo 1 and 3 for PX in Figure 4.36-A, while PZ is calculated as the sum of all four electrodes. 

Figure 4.36-C shows the physical system and associated components. Alemnis AMICS software 

was used to control the closed-loop Z-displacement of the tip. An additional software, Measure3.0, 

communicated with the National Instruments DAQ to simultaneously control the scratch stage and 

acquire the displacement and SmarTip data.  

Two gripper designs were explored for latching the indenter tip to the fiber segment. The first 

uses a conical diamond tip. In this case, a hole is FIB milled at the center of the segment without 

penetrating the underlying interface. The tip is inserted into the hole with a predefined load and 

then held at that Z-position during lateral motion. This configuration can promote self-alignment 

of the segment within the channel during lateral motion, like a ball and socket load train for tensile 

testing. However, this has other implications such as segment tilting and plowing effects that may 

stray from reality of a constrained composite. The second approach uses a “claw” gripper that 

contacts both ends of the segment to hold it flat during translation, thereby minimizing plowing 

effects. This rigidity can result in alignment sensitivity when the contact points or segment 

orientation are misaligned relative to the scratch direction. Since alignment issues can be overcome 

with experimental diligence, the claw gripper was expected to be more robust and was used 

exclusively after initial proof-of-concept testing with the conical tip. Figure 4.36-A,B show SEM 

images of the two grippers. 

The claw gripper was FIB milled from a conical tip. The geometry was designed to minimize 

stress concentration and withstand the expected shear stress. Testing with the conical tip revealed 

that the 3 μm diameter mark of the cone could withstand the induced shear stresses. As a result, 

the ends of the claw arms were prescribed 3 μm equivalent diameters. The interior of the claw was 

prescribed a 10 μm radius of curvature. Special effort was given to produce a peak along the 

centerline of the claw interior by over- and under-tilting the stage during FIB milling. This was 

done to promote a single point of contact at the segment edges to improve contact alignment 

relative to the scratch axis.  
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Figure 4.36 – A) SEM image of the conical tip gripper with overlaid representation of the piezo 

sensors in the SmarTip B) SEM images of the claw gripper from the front and side. C) Alemnis 

scratch system set up in the SEM chamber with overlaid text identifying important components. 

 

The entire test apparatus was tilted at 22 degrees in the SEM. This offered reasonable visibility 

of the gripper curvature and fiber segment and assisted in optimizing alignment. Tip alignment 

was done simply by evaluating the symmetry of the claw in the SEM and iteratively rotating until 

symmetric. The relative orientation of the axisymmetric sensors was unimportant as the values can 

be mathematically rotated in the software after the fact. Thereby it is more important to have the 

fiber exactly aligned with the scratch direction to avoid influence from the channel side walls. This 

alignment was accomplished by measuring the observed angle of the interface relative to 

horizontal with careful attention to the SEM stage and image rotation. If either the fiber or claw 

were misaligned, the system was vented, stub and/or tip manually rotated, and then re-pumped to 

checked again. This alignment procedure could be improved easily with an automated piezo 

rotation stage. All samples were successfully aligned to ± 1.5°. This was satisfactory as the loads 

induced in the Y direction were minimal and can be corrected for by adding it to the Z-force as 

described in equation 4-14 in the experiment design section.  

To perform the test, the fiber segment was positioned below the gripper using the piezo stage 

control. The tip was brought into contact with the sample (<0.1 mN) and the stage was adjusted in 

X and Y with 10 nm steps until the residual load was minimized. This was done iteratively until 

the segment was centered with the gripper. The test was initiated in displacement control at 100 

nm/s to reach a set-point load (Po) and then held at that Z-displacement. To keep the true contact 

area (relating to asperity and surface roughness interaction) consistent from test to test, Po was 

adjusted per sample to achieve an average pressure (σo) ~ 70 MPa. This was calculated using the 
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projected area of the longitudinal cross-section, ranging from 144 to 222 μm2 depending on amount 

of the fiber polished away and segment length. The starting values and test conditions are further 

outlined in Table 4.9. Fretting was then applied with a triangle wave form to complete a specific 

number of cycles (N) at a given frequency. One cycle is defined as a complete translation of the 

substrate; 2 μm right, 4 μm left, and 2 μm right, returning to the start position. This equates to 8 

μm total sliding distance per cycle, corresponding to 8, 40, and 80 μm/s sliding velocity for 1, 5, 

and 10 Hz respectively.  Data was sampled at 200 Hz. 

Characterization 

To investigate the tribo-surface after the test, the fiber segment needed to be removed. This 

was achieved by pushing the segment laterally with a tungsten tip manipulator typically used for 

TEM sample lift-outs. The segment was weakly bound and would often eject upon initial contact. 

The underlying surface was then available for SEM inspection and Raman spectroscopy. The 

morphology of the worn surfaces was characterized with a field emission FEI Quanta SEM. Raman 

spectroscopy was performed using a Renishaw inVia machine with excitation wavelength of 488 

nm at 1mW with signal collection time of 10s and single accumulation. The spectra were taken 

from 0-2000 cm-1 to capture SiC bands between ~700-1000 cm-1 and the two prominent graphitic 

carbon bands from ~1300-1700 cm-1. Scans were taken at the center where the rubbing surfaces 

were in continuous contact, represented in the SEM image of Figure 4.37. Spectra processing was 

performed using a custom Python code and included background removal, with D and G peak 

fitting using two Lorentzian functions, shown Figure 4.37. The peak positions, intensities and full 

width at half maximum (FWHM) were extracted to quantify the spectra evolution. The example 

shown in Figure 4.37 is from an uncycled fracture surface of sample S-thick. This spectrum is 

tabulated in the discussion and is considered a reference value for CVI PyC. 

 

Figure 4.37 – Raman spectrum acquisition and double Lorentzian fit. The SEM images shows the 

pristine fracture surface and blue laser mark denoting scan location. 

 

4.5.3 Results 

Early testing with the conical tip on composite S-thick found that the conical tip splits the fiber 

segment as loading approached ~40 mN. This limited the achievable stress and motivated 

exploration of cycle and frequency dependence at a fixed pressure. A successful conical tip test is 

shown in the vertical sequence on the left of Figure 4.38. This tip-segment coupling allowed for 
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tilting during translation, highlighted by the red lines. The test video showed very thin layers of 

PyC being shaved and pushed aside with each translation, suggesting the leading edge of the 

segment is acting as a plow. In a real composite, this type of behavior might be observed at a 

broken fiber away from the microcrack or at the composite surface if fibers are left exposed. 

However, for components under vibrational loading near the proportional limit stress, matrix 

cracking and interfacial debond typically precede fiber failure. Therefore, it is expected that 

frictional contribution in real applications occurs along the continuous interfacial regions. The 

claw gripper was applied to limit the influence of lead edge plowing, shown on the right-hand side 

of Figure 4.38. The difference in PyC extrusion is pronounced comparing the final image of the 

1000 cycle claw test to the 50 cycle conical tip test. 

 

Figure 4.38 – SEM images from in-situ test videos showing the test sequence (vertical progression) 

for the conical tip (left) and claw tip (right): (1) Initial loading, (2) substrate motion right, (3) 

substrate motion left, and (4) end of test. Yellow arrows represent the applied displacements. Red 

lines highlight segment tilting brought on by the conical tip-to-slider couple. The right-hand 

sequence highlights segment stability enabled by the claw gripper. The lateral displacement 

frames are from the 10th cycle and show early onset of wear products in the conical tip test 

 

Fourteen samples across four interface conditions were successfully tested with the claw 

gripper. Table 4.9 outlines the composite sub-samples and experimental conditions applied to each. 

Variability in σo was attributed to the sensitivity of the integral gain controller to pause 

displacement at the exact Po. Although pressure dependence is consistently observed in 
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tribological studies, the values here range ±20 MPa compared to most studies that vary at least ± 

200 MPa that ultimately observe small variation of μk [231]. These variations are not expected to 

have a significant impact. A slower displacement loading rate would improve accuracy. 

Table 4.9 – Fiber fretting test matrix 

Composite Sample Cycles 
Frequency 

(Hz) 
Proj. area (μm2) Po (mN) σo (MPa) 

H-thick 1+ 100 1 208 17.2 83 

 2+ 100 5 211 18.1 86 

 3+ 100 10 222 6.5** 29 

 4 10 1 213 15.7 74 

 5 100 + 900 1 214 17.8 83 

 6 1000 1 212 15.3 72 

H-thin 1 10 1 144 8.08 56 

 2 100 1 144 8.79 61 

 3 1000 1 150 9.83 66 

S-thick 1*+ 50 0.25 173 21.6 125 

 2 10 1 164 10.5 64 

 3 100 1 165 10.5 64 

 4 1000 1 172 11.8 69 

S-thin 1 5 1 180 14.6 81 

 2 20 1 183 14.1 77 
+ Segment with center hole 

*Conical tip test with 3 μm translations   

**Load dropped at start of test as segment readjusted to center of gripper  

 

Force data from the load cell and SmarTip were combined for friction evaluation. The load 

cell captured the Po prior to lateral motion. The tip sensors, optimized for short-time 

measurements, captured the instantaneous load (PZ) from cycle to cycle but were susceptible to 

global drift over the course of the test. Drift was removed via background subtraction using 

asymmetric least squares fitting with symmetry factor = 0.5 and smoothing factor of 10 (OriginPro 

2020) to follow the centerline of the oscillatory load. The corrected PX data was kept centered 

around zero while the other orthogonal contributing forces (Po, PZ, and PY) were summed to find 

Pmax as described in the experiment design section. As a result, the instantaneous value for the 

kinetic friction coefficient throughout the test is given by: 

𝜇𝑘 =  
𝑃𝑋

√(𝑃𝑜+𝑃𝑍)2+𝑃𝑌
2

=  
𝑃𝑋

𝑃𝑚𝑎𝑥
                  4-16 

 

An example of the data analysis process is shown in Figure 4.39, expressing the first 100 cycles 

of sample H-thick-5. Baseline fits for global drift subtraction are overlaid in green in Figure 4.39-

A. Pmax is shown as the blue curve, PX as red, and μk as purple in Figure 4.39-B. As the 
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displacement is oscillatory, there is a turnaround point where PX crosses zero. The useful data is 

at steady-state sliding between these turnarounds, observed in the zoom window of Figure 4.39-

C. An important characteristic to understand is influence of sliding direction. An ideal test, 

assuming a constant friction coefficient, would present a plateau in the steady-state region. 

Mirrored behavior in this regime suggests minimal influence from lead-edge plowing that may 

occur with a tilted fiber. Composite H-thick is the flattest with tilt angle ~0.3 degrees. Indeed, 

nearly identical behavior is observed sliding left versus right shown in Figure 4.39-B,C. This is 

consistent for all H-thick micro-sliders. Samples with large fiber tilt like H-thin at 1.5° sometimes 

showed transient behavior with either a sloped plateau or non-mirrored shape, suggesting different 

effects due to sliding direction. To be conservative while also capturing friction behavior over 

time, envelope curves are fit to the peak friction of each cycle. The upper and lower envelopes 

correspond to the substrate sliding right and left, respectively, shown as the solid black and dashed 

line overlaid on the μk curve of Figure 4.39-C. For comparison between composite types, the 

friction envelope corresponding to the segment sliding “down” the embedded incline was taken 

where lead-edge plowing is assumed to be minimized. Globally, the shape of the envelope gives 

insight to the governing mechanisms of friction. The envelope curves for each sample are 

presented in succession, categorized by their parent composite and test conditions. Adhesive and 

abrasive mechanisms are assigned based on friction values and tribo-surface characterization. 

 

Figure 4.39 – Data output and analysis for the friction coefficient. A) Raw data with global load 

drift. Asymmetric least squares fit (green) for baseline subtraction. B) Adjusted data with 

displacement, Px, Pmax, and μk. C) Zoom-window near cycle 10 showing shape of steady-state 

sliding region and overlaid friction envelopes as solid and dashed black lines. 
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Composite H-thick 

Six micro-sliders were tested with the claw gripper on composite H-thick, shown earlier in 

Figure 4.35-B. These samples failed at the PyC/fiber interface which is typical for these 

composites [58], [152], [163].  As a result, the interacting surfaces were a combination of PyC and 

SiC with fracture roughness expected to follow that of the fiber surface. Considering hPyC/Rmax = 

25, no SiC on SiC interaction was expected or observed. Figure 4.40 shows the friction coefficient 

versus cycle for all six H-thick micro-sliders. Substrate sliding right corresponds to translation 

down the incline and is used for comparison. Globally, there are three distinct regimes: 1) a smooth 

decreasing steady-state regime with relatively low friction values in the first ~100 cycles, followed 

by 2) an aggressive transition with peak resistance, leading to 3) a rough steady-state regime again 

with decreasing values.   

The first regime shows a relatively smooth and decreasing friction coefficient. Samples H-

thick-1, 2, and 3 were carried out to 100 cycles at 1, 5 and 10 Hz, respectively. The 1 Hz and 10 

Hz samples show similar values while the 5 Hz sample shows reduced friction. This does not 

suggest a meaningful trend but rather that scatter exists. This is supported when incorporating H-

thick-4, 5, and 6 that were tested at 1 Hz, and express friction values spanning the same range as 

the frequency tests. Sample H-thick-6 even fluctuates within these bounds before transitioning to 

the high friction regime. The four samples that stopped after 100 cycles show smooth tribo-

surfaces in Figure 4.41 with small flakes or seemingly smeared features. It is proposed that 

adhesive wear mechanisms govern the low and relatively smooth friction values in this regime. 

Ultimately it is thought that neither the frequency nor FIB center hole had significant influence on 

the friction data. Scatter is attributed to small flaking defects and adhesive transfer events. As a 

result, average curves were established and plotted for both the low friction and high friction 

regimes, as depicted in Figure 4.40. 

 

Figure 4.40 – Friction data for all H-thick composite micro-sliders. A transition from adhesive to 

abrasive friction is observed with increasing cycle number. No dependence on frequency is 

observed. 
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Looking at the tribo-surface of the 1000 cycle samples in Figure 4.41, H-thick-5 and H-thick-

6 show significant deterioration of the PyC with scattered wear debris. In situ test videos linked 

physical events to the transition events observed in the data. For example, H-thick-6 showed 

progressive wear product evolution leading to a momentary seize of the segment at cycle 87 

followed by ejection of two PyC fragments near the corner edges. The debonded fragments are 

verified by SEM in Figure 4.41-F. The onset of wear products prior to catastrophic failure suggests 

fatigue. As the segment cycles, the 2 μm regions at the edges of the sliding channel are cyclically 

covered and uncovered. Hertzian contact mechanics suggests the leading-edge will induce 

compression and tensile forces as the segment approaches and retracts respectively over this region 

[242]. It is expected that the oscillating stress drives microcracking within the PyC depending on 

the crystallite orientation and pre-existing defects. This opens a path for third-body particle 

evolution that leads to further break down of the PyC. It is proposed that this introduces wear 

debris and transitions the friction system from adhesive to abrasive mechanisms. This increases 

the friction coefficient and sustains wear debris evolution over the remaining 1000 cycles. It should 

be noted that particles near the center of the tribo-surface appear to roll up, as visible in Figure 

4.41-F. Interestingly, these may have evolved to minimize resistance and act as roller bearings. 

The gradual decrease in friction coefficient out to 1000 cycles supports this. 

Raman spectroscopy scans were taken at the center of each tribo-surface and are presented in 

Figure 4.41-G. In all cases, the data underwent background subtraction and intensity normalizing. 

Clear degradation of peak shape is observed for both 1000 cycle samples. The 10 and 100 cycle 

samples are relatively similar in magnitude and shape. Detailed evaluation for ID/IG, G peak 

position, and FWHM versus cycling for all tested composites is presented in the discussion. 

 

Figure 4.41 – A-F) SEM images of all H-thick tribo-surfaces. Smooth surfaces suggest adhesive 

friction mechanisms. Rough surfaces with third body debris suggests a transition to abrasive 

friction. F) H-thick-6 shows ejected PyC fragments at the corner edges and rolled third body 

particles at the center. G) Raman spectra of all six samples with clear peak broadening of the 1000 

cycle samples.  
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Composite H-thin 

 

Three micro-sliders were tested on composite H-thin. Failure location was assumed along the 

PyC/fiber interface, though the PyC layer with hPyC/Rmax  ~1 signifies a mixed regime that may have 

partially interacting SiC asperities. This sample had the largest embedded fiber tilt at ~1.5 degrees. 

Again, substrate sliding right was the direction moving down the embedded fiber tilt incline and 

is presented for comparison. 

 

Figure 4.42 – Friction data for all H-thin composite micro-sliders at 1 Hz. The first 100 cycles 

show relatively high values with some erratic behavior that decay to a steady-state regime  

 

Figure 4.42 shows the initial friction values range from 0.6 to 1.1, followed by somewhat 

erratic behavior with peak values in the first 100 cycles. These initial values are large for any 

friction system containing carbon and suggests significant interaction of the SiC asperities. It is 

expected these asperities fractured and dulled in the transition regime. This is supported by the 

1000 cycle sample that shows the friction values drop around 100 cycles and reach a turbulent 

steady-state that increases slightly over the remaining 900 cycles. Tribo-surfaces and Raman 

spectra are shown in Figure 4.43. Progressive wear product evolution is observed at the center of 

the tribo-surfaces, appearing to roll up similarly to, however, more pronounced than H-thick-6 in 

Figure 4.41-F. There was also significant porosity in the underlying matrix that may have impacted 

friction in two ways, a) directly interacting as sharp edges, or b) acting as an avenue for wear 

product removal. The turbulent steady-state behavior and third body particles suggests abrasive 

friction. The Raman spectra is plotted to include both the SiC and carbon peaks. Carbon material 

is still present on all surfaces but thin enough for the SiC signal to come through. For H-thin-3, the 

~1 μm laser spot size probed both the rolled asperity and surrounding surface. The increased SiC 

intensity, combined with the degraded carbon peaks, suggests most of the PyC layer was collected 

in the rolled particles leaving underlying SiC exposed.  
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Figure 4.43 – SEM images of all H-thin tribo-surfaces. Progressive rolled third body particle 

evolution is observed from 10 to 1000 cycles D) Raman spectra showing increased intensity from 

underlying SiC and clear degradation of the carbon material after 1000 cycles. 

 

Composite S-thick 

Four micro-sliders including the conical tip test were successfully evaluated. During sample 

preparation a concentric crack evolved at the center of the PyC bond layer, visible in Figure 4.35-

C. This meant that both interacting surfaces were PyC. The bond layer is thick with hPyC/Rmax ~50, 

further limiting the likelihood of SiC on SiC interaction. Figure 4.44 presents the relevant friction 

data. 

 

Figure 4.44 - Friction data for all S-thick composite micro-sliders. 

 

The start of the tests shows large variation with increasing friction through ~20 cycles. This is 

followed by erratic and globally decreasing behavior through 200 cycles. The remaining 800 

cycles for S-thick-4 show a steady-state regime slowly decreasing to μk~ 0.25. The conical tip test, 

S-thick-1, shows an extremely large peak in the first 20 cycles reaching μk~ 4. This is attributed to 

segment tilt and plowing effects observed in the test sequence images shown in Figure 4.38. 

Interestingly, the friction values fall and become consistent with the claw gripped samples (out to 
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50 cycles). Tribo-surfaces for all S-thick samples are shown in Figure 4.45. A clean fracture 

surface from a failed conical tip test that split the segment is shown in Figure 4.45-A,B. Nodule 

defects from CVI processing are clearly visible here, the protrusions and reciprocal indents are 

highlighted. This fracture surface is assumed to represent a pure state of the deposited carbon and 

is used as reference for the Raman data, shown in Figure 4.45-G. Some CVI defects remain visible 

on the cycled interfaces of Figure 4.45-D-F. In all cases, significant wear debris is observed 

suggesting abrasive wear. Looking at Figure 4.45-A,D, sharp and flakey debris are seen closely 

scattered around the CVI defects. It is proposed that these nodules shatter during segment 

translation, thereby injecting abrasive particles into the rubbing interface. This likely explains the 

variation and erratic behavior in the early stage of the tests as the particles evolve and then smooth 

out or get removed. There is some evidence of PyC rolling in S-thick, similar to that observed in 

the 1000 cycle sample, H-thick-5. Raman spectra again shows increased peak broadening and G-

peak shift left for increasing cycle number, as seen in Figure 4.45-G 

 

Figure 4.45 – A & B) Reference PyC fracture surface showing pre-existing CVI nodule defects. C-

F) SEM images of S-thick tribo-surfaces. Wear debris is observed for all cases. G) Raman spectra 

show peak broadening with increased cycles.  

 

Composite S-thin 

 

Composite S-thin has the thinnest PyC bond layer with hPyC/Rmax ~0.5, promoting SiC asperity 

interlocking and limiting lubrication of the PyC. Only two tests successfully dislodged at initiation, 

two others remained locked in place. Video of S-thin-1 and S-thin-2 revealed only 4 and 10 full 

cycles before respectively seizing and fragmenting. Sample S-thin-1 was seized for nearly 150 

cycles before finally fragmenting, paying tribute to the durability of the claw gripper as lateral load 

reached nearly 60 mN (other composite tests were consistently below 10 mN). Friction data for 

the first 20 cycles of S-thin-1 and S-thin-2 is shown in Figure 4.46.  
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Figure 4.46 – Friction data for the first 20 cycles of S-thin composite micro-sliders. Locking and 

failure events are highlighted based on video evidence. 

 

A comparable friction zone is highlighted in blue, defined as the region where both segments 

are fully translating without any fragmentation. The initial μk values range from ~ 1.1 - 1.5. 

However, it is unlikely that these values represent a steady-state behavior based on the early cycle 

behavior of the other composite tests. The friction resistance of the seized segment hovers around 

1.6, nearly double of any other steady-state value observed, which is very large and suggests an 

asperity feature locking mechanism. This type of fragmentation, shown in Figure 4.47-A,D, is not 

typically observed in real composite failure. The stress concentration and sliding at gripper contact 

is likely responsible, providing insight to the limitations of this test. Figure 4.47-C shows a S-thin 

segment that could not be dislodged, revealing contact marks at the gripper/fiber couple that 

validate gripper design and successful alignment. The Raman data in Figure 4.47-G shows both 

carbon and SiC peaks, suggesting PyC still coats the underlying matrix. Although S-thin-2 only 

saw 10 cycles before fragmentation, there is evidence of PyC rolling up as third-body particles 

similar to H-thick and H-thin composites. This suggests the rolling phenomenon initiates early for 

samples with very thin PyC, likely due to rapid degradation of the carbon from sharp SiC asperities. 

Ultimately, these tests are considered incomplete as only the first ~5 cycles could be effectively 

compared.  
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Figure 4.47 – A,B) S-thin-1 before and after the segment was removed to reveal the tribo-surface. 

Fragmentation of the fiber segment as well as underlying porosity are observed. C) Shows a S-

thin segment that did not displace. Scratch marks are observed at the grippe/segment contact D,E) 

S-thin-2 before and after images showing the segment fragmentation and tribo-surface. F) Shows 

the underside of the S-thin-2 segment after it was removed with evidence of PyC rolling. 

 

4.5.4 Discussion 

The experimental results demonstrate the capacity of the fiber fretting technique to extract 

friction data and reveal underlying mechanisms. The most pronounced finding is friction 

dependence on wear debris as it relates to adhesive and abrasive wear mechanisms. This is 

demonstrated most effectively in composite H-thick, where both low and high friction regimes 

correlate with smooth and rough tribo-surfaces. Figure 4.48-A,B compares the adhesive and 

abrasive steady-state regimes for all composites except S-thin which fragmented too early. The 

line plots for H-thick are averages while H-thin and S-thick each had one sample reach steady-

state behavior. Each regime was normalized to a 0-cycle start point and fit with a linear 

approximation and 95% prediction bands. Here the intercept represents an initial friction value 

assuming steady-state is achieved, and the slope a coefficient degradation parameter. These fits 

are tabulated for reference in Table 4.10 with other relevant characteristics of the friction surface 

that may be applicable to composite modelling and design. The behavior within each regime is 

evaluated by considering the relative contributions of FA  and FP expressed in equation 4-12. 
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Figure 4.48 – A) Average steady-state kinetic friction coefficient for the adhesive regime observed 

in composite H-thick B) Steady-state friction coefficients for the adhesive regimes observed in H-

thick, H-thin and S-thick. 

 

Raman analysis provides insight to FA as it relates to graphite degradation and dangling bond 

density. Spectra are deconvoluted using a double Lorentzian function to identify the peak 

intensities, position, and FWHM as a function of cycle. In all cases, peak broadening is observed 

with increasing cycles. The G-peak FWHM versus cycling is plotted to quantify this effect in 

Figure 4.49. It is proposed that continuous cycling induces structural disorder by breaking apart 

the graphite ring structure in a random manner. This process results in multiple carbon molecule 

configurations, causing an overall broadening of the of the Raman spectra from overlapping of the 

associated peaks [243], [244]. Additionally, the ID/IG and G-peak position for all micro-sliders are 

plotted and compared to the phenomenological trajectory proposed by Ferrari [65] in Figure 4.49. 

It should be noted that the aim of this comparison is to follow the change in G-peak position and 

ID/IG values to determine the structural evolution with cycling, without attempting to quantify sp2 

vs. sp3 content. Increased cycles showed decreasing ID/IG and G-peak position, representing the 

reduction in six-fold ring clustering and increased dangling sp2 bonds, respectively. With the 

general trend showing ID/IG and G-peak position decrease, it suggests PyC is in stage two of the 

trajectory. This is expected as CVI PyC characteristically expresses a nano-crystalline graphite 

structure.  
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Figure 4.49 – A) Experimental Raman values as a function of cycle for all micro-sliders. B) Ferrari 

et al., amorphization trajectory through graphite, nanocrystalline (nc) graphite, amorphous 

carbon (a-C), and  to amorphous tetrahedral carbon (ta-C), reproduced and adapted with 

permission from ref. [238], copyright American Physical Society 2000. 

 

Adhesive friction 

Looking at the adhesive regime of composite H-thick in Figure 4.48-A, the friction data shows 

a steep decline in the coefficient. When compared with corresponding Raman data, Figure 4.49-

A, almost no change in ID/IG and G-peak position is observed across these 100 cycles. This 

suggests the graphite planes are sliding easily and there are no abrupt events altering the graphite 

ring clusters or structure. This is supported by the smooth tribo-surfaces observed in Figure 4.41. 

Two mechanisms are proposed to explain the decreasing coefficient. The first is that gaseous 

absorption between graphite planes or passivation of the active bonding sites are reducing 

contribution of FA. Although possible, this was unlikely under SEM vacuum conditions. Of course, 

SEM vacuum is not perfect and frictional heating could have accelerated passivation with limited 

gas density. Temperature rise at the friction surface was estimated with the equation 4-17 [225], 

[226] that relates heat input and heat removal  

∆𝑇 =  
𝜇𝑘𝑃𝑣

4𝑎(𝑘𝑆𝑖𝐶+𝑘𝑃𝑦𝐶)
       4-17 
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where μk is the friction coefficient, P is the applied load, v is the sliding velocity, a is the contact 

radius set to half segment length (7.5 μm), and k is the thermal conductivity conservatively set to 

25 W/mK for SiC and PyC [225]. A hypothetical extreme case was calculated for 10 Hz (80 μm/s), 

20 mN load, and μk = 0.8. The peak temperature rise is on the order of 10-4 K. This is extremely 

low, attributed to the insignificant load and velocity. This also supports the observed lack of 

friction dependence on frequency, without temperature rise most velocity effects are diminished 

[226]. Ultimately, it is thought FA is constant and not responsible for the decreasing coefficient. 

Alternatively, the adhesive coefficient may be tied to FP. It is proposed that the relative roughness 

of the fracture surface is reduced as nano-scale wear tracks and material transfer takes place to 

reduce the impact of asperity plowing. Finally, the adhesive friction coefficient values, ranging 

from 0.25-0.1, are typical but somewhat low for graphitic material in vacuum [229], [234]. It is 

possible that this is consistent for CVI PyC microstructure, but few friction studies on this exact 

material were found. TEM and x-ray photoelectron spectroscopy (XPS) would be excellent 

techniques to further understand the structural and chemical composition of the tribo-surface that 

resulted in these values. 

Abrasive friction 

During prolonged cycling, wear debris was introduced into the tribo-surface. The mode of 

particle evolution depended on PyC fatigue for H-thick, pre-existing defects for S-thick, and 

interacting SiC asperities for H- and S-thin. Regardless of the evolution mode, the abrasive friction 

values are consistently larger and more turbulent than the adhesive regime. It is easy to understand 

that contribution from FP significantly increases as sharp PyC and SiC fragments plow into the 

interacting surfaces. It is proposed that the initiating debris results in large and random particles 

that cause transitional regimes with peak friction values. As cycling continues these particles are 

broken down and smoothened, ejected, or in some cases rolled up. This leads to the steady-state 

abrasive friction regimes presented in Figure 4.48-B. H-thick and S-thick samples with hPyC/Rmax>> 

1 showed gradually decreasing friction values. This is attributed to a balance of continuous debris 

refinement and simultaneous replenishment of asperities from the thick PyC reservoir. As the 

asperities collectively smooth out and roll up, the rate at which new asperities are formed slows 

down, leading to the overall coefficient decrease. Another consideration is that the load is applied 

via set displacement while the interface is continuously losing material, observed in the FIB 

trenches of Figure 4.45-F. This could result in a time dependent reduction of Z load that is 

indiscernible from the global load drift of the SmarTip. The decreasing coefficient could therefore 

be an artifact of the test configuration. It is not clear how much influence this has since material 

removal is likely only tens of nanometers. However, introducing a more robust load cell below the 

substrate that is resistant to torque loads could solve this problem.  It is also noted that the values 

for S-thick are consistently ~0.2 less than H-thick. Both have hPyC/Rmax >> 1, the only difference is 

fracture location. It is proposed that the lower friction of S-thick occurs because both interacting 

surfaces are soft PyC, thereby reducing relative influence from FP compared to the SiC/PyC 

interface of H-thick. 

Sample H-thin is an example of a test with limited PyC extrusion because hPyC/Rmax~ 1. Here 

it is proposed that SiC fiber asperities are large enough to interact with the SiC matrix, causing 

local stresses and chipping that quickly break down the PyC bond layer. This leads to third body 

debris which forms rolled asperities and stabilizes the friction coefficient, shown Figure 4.48-B. 
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Slight increase in the friction coefficient over time is attributed to small amounts of the asperities 

being removed, either at the edge or within the underlying porosity. In this case, as the carbon 

leaves the interface, load redistribution may cause more interaction between the SiC surfaces 

thereby increasing FP contribution. However, H-thin shows lower abrasive friction values 

compared to H-thick. This is attributed to the rapid evolution of rolled asperities that may be the 

most efficient form of debris to reduce plowing effects. Figure 4.43-C shows significantly larger 

and more uniform rolled asperities in H-thin compared to H-thick in Figure 4.41-F. 

Raman data correlates the third body particles with significant structural damage in the carbon. 

Figure 4.49 shows a pronounced increase in G-FWHM and decreases in both G-peak position and 

ID/IG for all samples after 1000 cycles, suggesting a transition from nano-crystalline sp2 ring 

clusters to amorphous carbon chain-like structures. This implies increased dangling bond density 

available for cold welding, thereby increasing contribution of FA. Again, it is unlikely that any 

passivation occurred. Even when the length scale is reduced to an asperity radius of a = 10 nm, 

temperature rise is still negligible at ~ 0.1 K. As a result, the increased frictional resistance 

observed in the abrasive regimes is attributed to combined effects of enhanced asperity plowing 

and adhesion mechanisms. The turbulence suggests plowing effects FP are dominant.  

Summary and data application 

A summary of the interface characteristics, relevant wear mechanisms, and resulting friction 

as a function of cycle for the steady-state regimes are presented in Table 4.10. Keep in mind that 

many samples also expressed transient regimes with large friction coefficients (μk > 1.5) before 

reaching steady-state. 

Table 4.10 – Summary of steady-state tribological behavior 

Name H-thick H-thin S-thick S-thin 

hPyC/Rmax ~25 ~1 ~50 ~0.5 

Fracture location SiCfiber/PyC SiCfiber/PyC* Within PyC SiCfiber/PyC* 

Wear mechanism Adhesive Abrasive Abrasive Abrasive Abrasive 

Wear debris 

evolution 

None PyC fatigue SiC asperity 

interaction 

CVI PyC nodule 

shatter 

SiC asperity 

interaction 

Friction evolution Decreasing μ by 

surface smoothing 

and transfer 

Decreasing μ by 

PyC refinement 

and rolling 

Increasing μ from 

PyC removal & 

interacting SiC 

Decreasing μ by 

PyC refinement 

and rolling 

SiC Asperity 

locking and 

fiber failure 

Raman results  Limited 

degradation of 

ring clusters and 

structure 

Significant 

degradation of 

the carbon 

structure; 

remaining sp2 

Most significant 

degradation of the 

carbon structure: 

remaining sp2 

Significant 

degradation of the 

carbon structure; 

remaining sp2 

Limited 

degradation 

and revealed 

matrix side 

PyC 

Steady-state μk(N) 0.26 - 0.0018N 0.77 - 0.00034N 0.36 + 0.00010N 0.51 - 0.00025N ~1.25* 

*Estimated 

From here, relationships can be explored between the fiber fretting test results and composite 

performance, modelling, and design. In section 4.5.6, the minicomposite tests of H-thin and S-thin 
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found interfacial sliding stress, τs, of 17 MPa and 62 MPa, respectively, based on the microcrack 

spacing and estimated residual compressive stress at ~200 MPa [56]. These tests achieved 

approximately N = 10 cycles between the onset of matrix cracking and failure. This corresponds 

to the transitional friction regimes observed for H-thin and S-thin in Figure 4.42 and Figure 4.46, 

with estimated coefficients of 0.8 and 1.25 respectively for N < 20. With the advantage of user 

defined compressive stress, σo, in Table 4.9, the sliding stress can be calculated as  

τfretting = μk(N)*σo      4-18 

 

for N ~4 with average values of ~50 MPa and ~100 MPa found for H-thin and S-thin. While 

showing the same trend, the property values from microcrack spacing underestimates the 

fundamental values from the fretting test. Additionally, the fretting test provides mechanistic 

information that can be vital to the development of constituent-based modelling.  

Ultimately, the friction data, SEM, and Raman spectroscopy successfully defined a 

degradation path for the given interface conditions. This is useful for composite design. If 

interested in fabricating an interface with specific friction coefficient and degradation path, the 

CVI parameters can be tailored to start at different points on the Raman trajectory, while 

additionally promoting specific interfacial failure location. From a modelling perspective, the 

appropriate coefficient and responsible mechanisms can be applied given a known starting 

structure. The question remains, how well does the fretting test mimic composite scale behavior? 

Certainly, in the context of confined composite interfaces, there are some attributes that do not 

align with reality such as segment edge plowing or debris removal. However, it was shown that 

the fretting test can probe both adhesive sliding and abrasive wear in a manner that would be 

expected for many composite interface conditions. It is also thought that the center of the fiber 

segment provides reasonable confinement to correlate degradation. Systematic comparisons of 

fretting and composite tensile tests would authenticate these claims. With that, there are still some 

physical limitations of the test related to achievable load. Stress concentrations at the gripper-fiber 

couple (conical or claw) are likely to limit compressive loading to < 100 mN (500 MPa for current 

segment geometry). Calculations for residual compressive stress in real composites based on 

thermal mismatch and fiber roughness can easily reach > 1 GPa [56]. However, provided friction 

mechanisms stay consistent, it may be possible to extrapolate the coefficient based on systematic 

studies from 0 to 500 MPa.  

Overall, the controlled load, indefinite cycle length, frequency, and uniquely accessible tribo-

surface for mechanistic insight is thought to outweigh the short comings and provide extremely 

valuable data. Some recommendations for future experiments and analysis include exhaustive 

testing with a conical tip. The readily available tips and the self-aligning characteristics make 

experimental execution much simpler. The initial friction behavior was not ideal, however 

continued cycling may have led to equivalent probing of the abrasive friction regime. A scratch 

stage with both x-y translation and stub rotation would further simplify alignment. Finite element 

analyses to characterize contact stress concentration and interfacial stress distribution would help 

refine assumptions regarding projected stress and Coulomb friction. This could also support 

Hertzian contact models to better characterize PyC fatigue and wear rate. Lastly, the test apparatus 

is simple enough to explore alternate composite systems and environmental effects, provided 

integration of high temperature and moisture tolerant components. Combined with additional 
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characterization tools such as TEM and XPS, the interfacial modelling and design space can be 

effectively mapped for myriad composites. 

4.5.5 Conclusion  

A novel fiber fretting test was developed to probe friction properties and tribological 

mechanisms of continuous fiber composites. Details regarding experimental execution and 

analysis were laid out explicitly with intention for repeatability and technique advancement. The 

design was relatively simple, applying existing scratch techniques to a FIB milled surface 

structure. Four different SiC/PyC/SiC composite interphases were evaluated in a SEM vacuum 

environment. Friction data was accurately extracted and assigned relevant mechanisms based on 

SEM and Raman spectroscopy characterization. Steady-state friction regimes corresponding to 

adhesive and abrasive mechanisms were identified and descriptive equations for friction 

coefficient as a function of cycle were presented. These values were discussed in the context of 

macroscopic composite behavior to elucidate the potential contributions this test can have for 

composite modelling and design.  

4.5.6 Minicomposite tensile testing for sliding stress comparison 

Minicomposite testing explores myriad composite behavior and performance characteristics 

from residual stresses to damage tolerance [45], [93], [126], [132], [245], [246].  The specific goal 

of this effort was to link interface properties from micro to macroscale and to illuminate 

fundamental differences between the two, as discussed in the fiber fretting section. There are two 

analytical relationships that have been developed to evaluate interfacial sliding strength based on 

macroscopic behavior. The first is related to the hysteresis loop width of the stress-strain data, and 

the second to the microcrack evolution, specifically the spacing between these microcracks. 

Hysteresis loop width measurements require high resolution strain acquisition. The experimental 

set up did not allow for proper strain gauges and the machine load-displacement resolution limited 

the ability to carry out the hysteresis analysis. However, testing inside the SEM enabled unique 

insight into microcrack evolution and spacing. The analytical model for interfacial sliding strength 

is related to matrix crack spacing by the following equation [45] 

𝜏𝑠 =
𝜎𝑠𝑅𝑓𝑉𝑚

2𝑉𝑓𝐿𝑠
       4-19 

 

where σs is the crack saturation stress (usually taken to be the peak stress before failure for PyC 

interface containing composites [132], Rf, is the fiber radius, V is the volume fraction for matrix 

and fiber, respectively, and Ls  is the average measured crack spacing across the gauge length. This 

analytical equation is evaluated considering the debond length (ld) of the deflected crack, and more 

specifically, the resistance to sliding (τs) along this debonded section behind the crack tip, pictured 

in Figure 4.50. This resistance to sliding, often referred to as the sliding strength or shear “stress” 

(different from the ultimate shear strength τf, that defines ld, described in section 4.4), governs the 

fiber/matrix load sharing around the microcrack. Depending on this sliding resistance and resulting 

load distribution, the matrix will reach a critical failure stress at different locations. This gives rise 

to relatively uniform crack spacing that is characteristic of the fiber/matrix interphase properties. 

Decreasing the sliding resistance allows more stress at the crack tip, driving a longer debond length 

and increasing the matrix crack spacing. Figure 4.50 is a schematic that describes load sharing and 



 

 

110 

 

 

Ls as function of τs and ld, Away from the microcrack, the relative stress in the matrix to the fiber 

depends on their relative stiffnesses [131]. In this case, the matrix is stiffer than the fiber. The red 

lines represent the next location of microcrack which will depend on the total stress in the matrix 

and defect distribution. 

 

Figure 4.50 – Schematic of load sharing between fiber and matrix and matrix crack spacing as a 

function of debond length and sliding resistance that is dependent on the friction characteristics. 

 

The specific goal of this effort was to characterize Ls as it relates to τs for direct comparison to 

the sliding resistance extracted from the fiber fretting test. Testing was performed using the 500 N 

Kammrath & Weiss Tensile and Compression Module in-situ XL30 Phillips SEM, Figure 4.51-A. 

Uniaxial tension was applied in displacement control at 1 μm/s with prescribed loading and 

unloading in 5 N steps until failure. Testing was paused periodically to take SEM images of the 

entire gauge length for insight into crack spacing and crack opening. The minicomposites were cut 

to ~5 cm long; 2 cm was used for gripping on both ends leaving a 1 cm gauge length. The ends 

were epoxy mounted in bored and externally threaded studs and set to cure in an alignment fixture, 

Figure 4.51-B. Gauge length restrictions eliminated the option for high precision strain gauges 

suggested by ASTM standards to guarantee <5% bending. To address this, a stainless steel ball-

and-socket gripping system with colloidal graphite lubrication was use to promote self-alignment, 

shown in Figure 4.51-A,C.  
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Figure 4.51 – A) Kammrath and Weiss module on SEM stage with loaded sample. B) Alignment 

fixture for epoxy mounting and curing. C) S-thin minicomposite test specimen with SS balls on 

threaded studs. D) Fracture surface cross-sections of S-thin minicomposites with fiber-pullout 

visible. E) Stress-strain curves for S-thin. F) S-thin composite with uniform microcrack spacing 

across gauge section near UTS. G) High magnification of microcracks with overlaid average 

crack spacing and opening with the test paused at ~300 MPa of the S-thin composite. 

 

In some samples, the microcracking did not evolve perpendicular to the load direction. These 

tests were assumed to be misaligned and discarded. In total, two H-thin and S-thin minicomposites 

were successful. The area, porosity, fiber radius, and fiber volume fraction were extracted for each 

minicomposite from fracture surface cross-sections as shown in Figure 4.51-D, and are listed in 
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Table 4.11. Figure 4.51-E shows a typical stress-strain curve from which average proportional 

limit stresses (PLS) and ultimate tensile strength (UTS) were extracted and tabulated below. The 

lower PLS value of S-thin is attributed to relative increase in porosity as it relates to critical defect 

distribution. The ultimate tensile strength was ~310 MPa for both. These values align reasonably 

well with literature [26]. The microcrack opening and crack spacing are pictured in Figure 4.51-

F,G and listed in Table 4.11. The difference in τs of the two composites is attributed to the hPyC/Rmax 

ratio, representing the degree of asperity interaction between the fiber and matrix [56]. Composite 

S-thin has ratio 0.5 compared to 1 of H-thin, which resulted in an increased friction resistance (also 

found in fretting test). This reduces the debond length and increases the load shared by the matrix, 

leading to increased microcrack density. These results were compared and discussed relative to 

the fiber fretting tests in section 4.5. 

Table 4.11 – Minicomposite tensile test characteristics 

Characteristic H-thin S-thin 

Area (mm2) 0.25 0.52 

Porosity (%) 4 8 

Vf (%) 25 25 

Avg. fiber radius (μm) 6.5 5.3 

hPyC/Rmax 1 0.5 

σR (MPa) [56] 190 210 

PLS (MPa) 175 125 

UTS (MPa) 305 315 

Ls (μm) 185 110 

τs (MPa) 17 62 

Avg. Lo (μm) 2 2 
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5 Discussion  

5.1 Summary and Impact  

 

Section 3.2 outlined the current understanding of interphase-dependent toughening 

mechanisms for CMCs. To date, interphase property extraction has utilized fiber push-out and 

minicomposite hysteresis testing, which ultimately provide a deconvoluted interfacial parameter, 

τ, and interfacial debond energy, 𝛤, for composite modelling. As discussed, these values often lack 

direct relationship to the interphase structure, which would allow for truly predictive modelling 

and informed decision-making for composite design. In recent years, advances in small-scale 

mechanical testing have enabled the development of high-fidelity methods for direct investigation 

of these interphases at their engineered length scale of the as-fabricated composite. The work in 

this dissertation looked comprehensively at the composite phenomena and assigned appropriate 

tests to obtain the desired structure-property relationships. The phenomena, associated properties, 

and SEM images of the developed tests are shown in Figure 5.1.  

  
 

Figure 5.1 – Schematic of the interphase dependent toughening mechanisms in CMCs. SEM 

images representing the developed tests to probe each property are shown 

 

A brief summary of the impact and path forward for each test is described below. Table 5.1 

provides a succinct description and reference to tables, figures, and equations that explicitly 

describe and quantify the observed relationships. 
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DIC micropillar compression for elasticity of PyC 

SEM DIC with nanoscale resolution was successfully applied to evaluate the elastic response 

of the SiC/PyC/SiC interphase. This success supports method translation to other compliant 

interphase materials such as BN, or to any thin coatings and multilayer applications where elastic 

deformation is driving system response. The uniaxial stress state testing and subsequent analysis 

provided unique insight to the structure-property relationship for microscale elasticity in PyC. PyC 

and other graphitic carbons are a challenging material to quantify, exhibiting extremely diverse 

combinations of textural organization, interplanar defects, and sp2 - sp3 bond networks. Here, we 

observed direct relationships between these fundamental microstructures and the corresponding 

elasticity. MD and homogenization models have been evolving in recent years but have showed 

discrepancies. The results herein support PyC domain homogenization models, finding large 

values for Young’s modulus that grow with increased domain misorientation. Results also showed 

compressive elastic moduli can evolve with evolving pressure, and that anisotropy is likely 

between compression and tension loading. Elastic properties are critical to composite modelling, 

and most assume a global isotropic modulus between 5-30 GPa. However, PyC may be 2-5 times 

as stiff in compression, significantly impacting predictive modelling. Variation in stiffness shifts 

the elastic mismatch parameters α and β, impacting crack deflection and crack path selection within 

the interphase. Furthermore, the modulus influences the stress state of friction surfaces, impacting 

fatigue and wear rate. With understanding of how the CVI PyC structure impacts the properties, 

informed decisions can be made on a) interphase fabrication to promote high- versus low-texture 

PyC and b) relative interphase thickness for mitigating residual clamping stresses. This 

methodology would benefit from TEM of the actual tested pillar to get a 1 to 1 relationship between 

property and structure, and identify the observed modes of permanent deformation. Mapping out 

these relationships with a series of control PyC of different texture orientations to the loading 

direction provides a path for verifying the homogenization models and enables tandem 

development of refined composite models. The fidelity of the structure-property relationship 

measurements will also improve in step with the evolution of SEM resolution and stability.  

Microtensile testing for tensile strength 

The self-aligning microtensile method was carried out on the SiC/PyC/SiC interphase, 

expressing successful application to very weak ceramic systems. Its effectiveness was proven by 

observation of realignment and resulting replicable tests. Direct, uniaxial tensile properties of the 

as-fabricated composite interphase have not previously been explored. Macroscopic methods, such 

as transverse tensile testing and bilayer flexural tests, result in homogenized and convoluted 

values. The tensile response here provided insight into the weakest link of the interphase and the 

corresponding strength value. Post hoc examination of the fracture surfaces allowed identification 

of the flaws responsible for failure, providing additional insight to the critical fracture energy 

release rate. The constituent scale property resolution provides invaluable information for 

optimizing crack deflection. Here we observed very low strength near the fiber interface. An ideal 

interphase deflects within the PyC prior to reaching the fiber interface. This leaves a protective 

frictional boundary layer on the fiber side and creates potential for diffuse cracking during stage ii 

deflected crack propagation. This method was challenged by the small loads and displacements 

associated with the weak interface. This complicated the compliance subtraction methodology and 

limited the ability to extract a true tensile modulus with confidence. Increasing the gauge cross 
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section and exploring composites with different fiber surface treatments can increase the 

achievable load to probe the true elastic response more uniformly.  

Micropillar compression for shear properties 

This experiment showcased the ability for micropillar compression to resolve shear 

characteristics across a diverse range of interphase architectures. The Mohr-Coulomb failure 

criterion successfully extracted the fundamental shear strength and a previously inaccessible 

dependence on compressive stress via the internal friction coefficient. A phenomenological model 

was presented that captures the effect of interphase architecture on the fundamental shear strength 

and internal friction coefficient. Although the internal friction coefficient is defined in relation to 

fracture path tortuosity, it is likely that the compressive stress changes the stress state around the 

critical defect. Depending on the formation and propagation of the mode II crack tip, it is possible 

that the compressive state impedes crack initiation and can affect its propagation path. Refined 

interpretation of the internal friction coefficient in relation to mode II crack propagation in PyC 

will improve the fidelity of the structure-property relationship. Interphase compression 

experiments in the TEM may provide valuable insight to the crack and deformation evolution in 

PyC. For composite design, the fundamental shear strength properties as a function of both radial 

clamping stress and ratio of fiber roughness to PyC thickness offer significant assistance for 

examining the characteristic debond length that is intimately tied with the load redistribution and 

observable crack spacing in bulk composites.  

Fiber fretting for dynamic friction properties 

The novel fiber fretting test expands the research frontier, introducing a refined method for 

direct friction property extraction. The test apparatus is relatively simple, allowing for infinite 

cycling and unique access to the tribo-surfaces post hoc. This test delivers unique structural and 

chemical evaluation of the tribo-surfaces. The acquired friction data are potentially the most 

impactful for composite design and modelling as they drive load distribution and dynamic response 

of the composite once microcracks have evolved. Furthermore, the relationships developed here 

are intrinsically dynamic, being evaluated as a function of cyclic degradation and user-defined 

compressive stress. This allows for dynamic modelling of specific events as well as behavior 

evolution over time. For example, the evolution of sliding resistance with respect to fatigue 

lifetime takes a much simpler form, comparing equation 3-6 to equation 4-18. Beyond direct 

application of results into CMC models, this test method may prove extremely useful for 

characterizing the complex tribo-mechanical and tribo-chemical interactions that are present in 

any weak interface material couple in the as-fabricated state. The next advancement for this test 

will be transition to alternative environments where oxidation and temperature effects can be 

studied.  
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Comprehensive overview 

The findings of each test are summarized in Table 5.1 in the context of the three-stage 

interphase toughening mechanisms. Reference to the main text for figures, tables, and equations 

that express the structure-property relationships are provided as well.  

Table 5.1 – SSMT property summary 

 
Interphase elasticity 

Stage i)          

Crack deflection 

Stage ii)                 

Crack extension 

Stage iii)                      

Fiber sliding 

Properties 

of interest 
Ei , vi σi

σ𝑓
 ,   

Γi

Γf

 
τf =  τd  + μi σR , 

ΓII-i 

τs = μk (N)σR 

Executed 

method 

Uniaxial micropillar 

compression with 

DIC 

 

 

 

 

 
 

Self-aligning 

Microtensile test 
 

Micropillar compression 

with inclined interphase 
 

Novel small-scale fiber 

fretting test 

 
 

Extracted 

property 

Compression: 

Ez , vzx 

Tensile: 

σi ,  ~𝛤I-i 

Shear: 

τd ,    μi, ,  ~𝛤II-i 

Dynamic friction coef. 

μk (N) 

Structure-

property 

relationships 

Figure 4.14 Figure 4.22 

Table 4.4 

Figure 4.31  

Equation 4-10 

Table 4.10 

Original 

contribution 

Application to PyC 

and characterization 

of elastic 

deformation. 

Pushing the limits 

of experiment 

resolution 

Application to 

SiC/SiC 

composites with a 

weak ceramic 

interphase 

Extended application of 

the Mohr-Coulomb 

analysis to capture 

structure property 

relationships across 11 

ceramic interphase 

conditions 

Experiment design and 

analysis procedures for 

previously inaccessible 

property and 

degradation behavior 

Impact on 

modelling 

Intimately linked 

with HH and CG 

crack deflection, 

crack path selection, 

and residual 

clamping stress 

Defines crack 

deflection that 

enables crack 

bridging for 

subsequent 

toughening 

mechanisms 

Provides fundamental 

strength values with 

dependence on 

compressive stress as it 

relates to debond length 

and matrix crack 

spacing 

Provides fundamental 

friction values and 

mechanisms over 

functional lifetime. 

Impacts crack wake and 
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The summary above offers several themes for continued discussion on composite performance 

and design. First, DIC micropillar testing suggests the compressive elastic modulus of PyC is 

significantly larger than originally thought. Depending on the deposited PyC texture, the elastic 

mismatch parameters (α and Ef/Ei) shift and influence the allowable fracture energy and fracture 

strength ratios based on the HH and CG criteria. This impacts decision-making about which 

deposition parameters and fiber types can be used to best maintain deflection. These decisions are 

made in conjunction with results from the other tests. For example, microtensile testing showed 

strength of ~69 MPa, an order of magnitude lower than the strength of the fiber. This leaves 

significant room for increasing the interphase strength while meeting deflection criteria. Because 

the weakest link was observed along the fiber/PyC interface, improved strength can be obtained 

by fiber surface treatment and/or improved quality of deposition at the fiber surface. Micropillar 

compression testing also showed the weakest link at the fiber interface. It is expected that 

composite performance is optimized by increasing shear strength, thereby maximizing microcrack 

density. The micropillar result here showed increasing fundamental shear strength and internal 

friction coefficient with decreasing PyC thickness relative to roughness. It follows that the 

interphase should express as a thin PyC and a rough fiber. However, the optimized ratio is currently 

unknown, and will only be realized through the development of an appropriate model that can 

incorporate these constituent scale shear properties and provide feedback based on the 

macroscopic behavior.  

Decisions regarding strength optimization are also tied intimately with consideration of 

cohesive versus adhesive failure modes of the PyC. The fiber fretting test revealed two key 

attributes related to failure mode of the PyC. The first is that by 1000 fretting cycles, the frictional 

surfaces are likely to evolve into abrasive wear mechanisms regardless of cohesive or adhesive 

failure, or PyC texture. The second is that within the abrasive regime, friction can be minimized if 

the interacting surfaces are both PyC. When one of the interacting surfaces is SiC, friction 

increases due to the increase plowing effects of the SiC asperities. This would support a drive 

towards cohesive failure within the PyC. Additionally, if failure is designed to occur at the center 

of the PyC (for example, by purposefully depositing a ~10 nm low density PyC), the remaining 

PyC bonded on the fiber side likely acts as a protective barrier from fretting degradation of the 

fiber surface, potentially extending lifetime.  

Considering strength and friction results, it stands to reason that PyC could benefit from more 

amorphous or sp3 character, potentially increasing both tensile and shear strength of the bonding 

network while not affecting friction significantly. This may also improve irradiation tolerance in 

terms of directional growth and swelling mismatch. Recent studies have found that for high 

damage (10-100dpa) composites, the PyC eventually amorphized and moved towards primarily 

sp3 bonding structure [37], [247]. This degradation also led to interphase fusing between β-SiC 

interlayers, and separation at the β-SiC/PyC/fiber interphase due to swelling mismatch, similar to 

that observed in the 11.8 dpa micropillars. These phenomena are shown in Figure 5.2. It has been 

suggested that Si diffusion into the PyC was cause for fusing, and that swelling and thermoelastic 

mismatch between the fiber and matrix drove separation [37]. More research is needed to map out 

the irradiation- and temperature-related phenomena, but for composite design, this research 

suggests that interphase thickness will need to be considered to accommodate the diffusion and 

strain. 
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Figure 5.2 – Scanning TEM High-angle annular dark field (STEM-HAADF) images of PyC/SiC 

multi-layer interphase: (a) nonirradiated, (b) irradiated at 319 °C to 92 dpa, showing fused β-SiC 

interphase layers, and (c) irradiated at 629 °C to 99 dpa showing interphase separation at the 

fiber/matrix PyC interphase. Figure reproduced with permission from ref. [37], copyright Elsevier 

2018. 

 

Clearly, there is significant interplay between the different material properties and 

mechanisms, where changing one attribute influences both the property relationships as well as 

the decision-making criteria for optimization. The decision-making process is compounded when 

interphase evolution factors like irradiation, oxidation, and fatigue damage are considered. In any 

case, it becomes critically important to have the tools to access and quantify the structure-property 

relationships. Ultimately, improved decision-making will require continued development of 

models that can accept these micro-mechanical inputs.  

To date, there are a wide range of numeric and analytical models that mostly incorporate 

uniform properties for interfacial shear and fracture energy. Although successful in predicting 

composite behavior and retroactive deconvolution of the interfacial shear parameters, they lack the 

ability to prescribe interphase architecture that empower active composite design and optimization. 

Now, the methods and results from this dissertation offer a means to work upward from these 

fundamental structure-property relationships. In the next generation model, one can adjust the 

interfacial properties to meet a desired stress stain response for a given component. With the direct 

relationships to the interphase structure and mechanisms ascertained, the fiber type, interphase 

thickness, and microstructural weakest link can be prescribed to match model performance. 

Development of this type of model will require simultaneous efforts to capture the composite scale 

defect distributions. Large scale porosity and fiber weave architecture drive complex stress states 

within the composite that can lead to premature microcracking. This is observed at the mesoscale 

with fiber push-out testing, which has shown that fibers at the periphery of a composite tow bundle 

show higher strength than those as the center [152]. This is attributed to the fact that at the center 

of the tow, fiber surfaces are in contact with each other and the gas flow for CVI deposition is 

constrained. As a result, different regions of the composite will express different distributions of 

porosity. Capturing these defects already is being explored with 3D x-ray tomography with um-

scale resolution. FEM models have also applied meshes to these 3D reconstructions as an effective 

method capture these distributions realistically [141], [143], [248]. Together with the 
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microstructurally informed properties evaluated here, more powerful predictive modelling 

platforms are possible.  

5.2 Gaps and Future work 

 

The experiments and discussion thus far have provided unique insight to myriad characteristics 

and mechanics of the SiC/PyC/SiC interphase. However, there is are still several ways for 

improvement and expansion of the resolved findings. The following list explores these 

considerations. 

• All test cases would benefit from supporting FEM to fully characterize the stress states. 

Uniform stress was assumed for all the small-scale test configurations. However, bi-

material interfaces with different elastic properties can develop stress singularities at the 

free surface [249]. If the FEM models can capture this stress concentration and the failure 

mechanisms via XFEM or cohesive zone models, it will support more accurate failure 

stress evaluations and transferrable implementation into larger composite models.  

• All test cases would also benefit from continued microstructure characterization. This 

includes TEM, Raman, and XRD to further quantify nanoporosity, PyC domain size, and 

boundary defect structures. Also, XPS analysis of the tribo-surfaces for oxygen and 

hydrogen content as it relates to the frictional resistance would be useful. 

• The mechanism for increased elastic modulus with increased domain misorientation is not 

well understood. Data support the homogenization models presented by Böhlke [197] but 

does not elucidate the exact phenomena. MD simulations and in situ TEM deformation 

may provide needed insight to the internal constraints acting on the graphitic domains that 

allowing the Böhlke model to be mechanistically informed. 

• The nanoscale fracture and deformation mechanisms of the as-deposited PyC also are not 

well understood. It is unclear if the fracture propagates in a purely brittle manner along the 

basal planes of the domains, or if the graphitic layers are capable of flexing and rolling at 

the nanoscale. If so, there may be addition insight on how the PyC structure can be tailored 

to increase fracture energy release rate. Again, continued MD modelling and in situ TEM 

may provide necessary insight.  

• There is significant opportunity for the advancement and expansion of these methods to 

other composites systems as well as varying environmental conditions. Many of the 

indentation equipment are capable of high temperature testing as well as configuration with 

external environmental cells, allowing for tests in aqueous or humid media. This may be 

especially powerful for the novel fiber fretting test. This test is in its infancy and thought 

to deliver insights that outweigh its complexities. The combination of micropillar 

compression and fiber fretting may serve as a complete replacement for fiber push-out 

testing across the composite industry. The indentation, scratch, and SEM systems are 

becoming more and more ubiquitous and economic, potentially catalyzing this transition. 

• It is recognized that carrying out four (or more) separate SSMTs for myriad interphase 

conditions might be burdensome. Although useful and potentially necessary for building a 

comprehensive structure-property map, there is always room for continued SSMT 

advancement to capture more than one property at a time. An example may be a constrained 

beam test with interphase along the neutral axis. A center FIB notch can propagate, deflect, 

and extend a crack along the interphase. The beam can then be cut at the center to create 
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mode II double cantilever bend test with a natural crack along the interphase. End loading 

to force crack extension to the root of the cantilever, followed by cyclic testing, results in 

hysteresis behavior related to friction energy dissipation. This test was successfully 

implemented and able to extract the mode II fracture energy release rate and frictional 

hysteresis. However, it was performed on a single sample without accompanying 

microstructural information to draw significant conclusions. It would be gratifying to see 

this test method explored further.   

• Toward the qualification of nuclear fuel cladding and informed decision-making during the 

fabrication process, it is paramount the next generation of analytical and numerical models 

find a way to effectively incorporate the structure-property relationships established here. 

This can enable new and improved exploration of dynamic composite response that evolves 

with irradiation damage and oxidative degradation of the interphases. The robust 

methodology presented here provides path for this type of evaluation, illustrated best by 

the irradiated micropillar compression tests. Together with reconstructed composite 

architecture and benchmarked composite tests, a platform exists for model verification and 

validation that can be used for composite qualification and implementation. 
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6 Conclusion  

 

SiC/SiC composites have emerged as a leading candidate for accident tolerant fuel cladding in 

LWRs. Their high temperature strength and oxidation kinetics offer marked improvement in 

enduring severe loss of coolant accidents and thereby provide additional time for the response 

teams to act. The qualification and implementation of these composites relies on the industry’s 

ability to predict composite behavior over its operational lifetime. The next generation of 

modelling is expected to deliver the whole composite response, accounting for individual 

constituent evolution over time with respect to mechanical, environment, and irradiation induced 

degradation. Informing these models requires direct structure-property relationships to be defined. 

In the case of ceramic composites, the most critical form of degradation occurs along the 

fiber/matrix interphase that controls composite toughness.  

This dissertation asserted that small-scale mechanical testing combined with microstructural 

analyses could provide the versatility and precision necessary to capture these structure-property 

relationships. This was realized through the formulation and execution of four techniques that 

probed the properties of each composite toughening stage. The DIC micropillar compression 

observed a distinct stiffness dependence on PyC texture with values 2-5 times larger than 

commonly accepted values for PyC. This has major implication on both composite performance 

and our scientific understanding of the elastic response in graphitic materials. Microtensile testing 

provided direct extraction of interfacial tensile strength that was previously unavailable, informing 

matrix crack deflection criterion. Micropillar compression for shear strength evaluation provided 

the most comprehensive and immediately applicable structure-property relationship by exposing 

ultimate shear strength as a function of fiber roughness relative to PyC thickness. Furthermore, 

this method, and the Mohr Coulomb analysis specifically, provided unique insight to the property 

dependence on compressive stress normal to the interphase. This has major implications for 

interphase design and dynamic composite modeling as they relate to fabrication induced clamping 

stress and operational loading, respectively. Last, and potentially most impactful, was the 

development of a novel fiber fretting test to explore previously inaccessible friction data. This test 

quantifies cyclic degradation and delivers unique access to the remaining tribo-surface for 

examination of the wear mechanisms and resulting interphase microstructure. Additionally, the 

test configuration lends itself to deployment across high temperature and oxidative environments, 

offering a groundbreaking tool for composite characterization and integrated design feedback. 

Combined, this dissertation presents a solid argument, backed up by novel, replicable methods, 

that SSMT provides a robust platform for evaluating ceramic composites and informing 

mechanistic behavior at the constituent level. It is hoped that the research herein will open new 

doors to advanced optimization and modelling opportunities in the field of ceramic composites. 
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