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Abstract

This study explores critical issues in the fatigue behavior and fundamental mechanisms of cyclic
deformation in alloys for structural and hydrogen-energy applications using plastic strain-
controlled low cycle fatigue (LCF) and constant microstructure plastic strain rate change
experiments. The materials of interest are strain-hardened Type 316L austenitic stainless steel and
annealed CrMnFeCoNi high entropy alloy (HEA), both in the hydrogen-precharged (H-
precharged) and non-charged conditions. The LCF tests were conducted at a constant plastic strain
rate of 1x107 s, probing plastic strain amplitudes between 0.1% and 0.7% in 316L and between
0.3% and 0.8% in the CrMnFeCoNi alloy. The plastic strain rate change experiments are a unique
type of experiment designed to explore the fundamental mechanisms that control dislocation glide
in the context of thermal activation theory. They were conducted periodically at two different
regions of the lifetime, probing operational activation area values that represent the evolving and
dynamic equilibrium states of the microstructure at plastic strain amplitudes between 0.3% and

0.8%.

In the strain-hardened 316L austenitic stainless steel, cyclic stress response curves show
continuous softening in both H-precharged and non-charged conditions at all plastic strain
amplitudes. Internal hydrogen increases the cyclic strength by enhancing the effective component
of the flow stresses, especially at low plastic strain amplitude. However, the increase in effective
stress is accompanied by a significant reduction in initiation and total fatigue lifetimes in the H-
precharged condition. At high amplitudes, back stresses become more significant in both material
conditions and, although hydrogen still leads to earlier failure, the difference in LCF lifetimes is
reduced. Scanning electron microscopy (SEM) observations reveal earlier onset of multiple slip in

the presence of hydrogen at low strain amplitudes, indicating that the premature failure in the H-



precharged condition is likely due to microcracks initiating at intersecting planar slip bands.
Calculations of operational activation area during cyclic deformation suggest that dislocation glide
is controlled by solute atoms, forest dislocations and cross slip in all material conditions, except at
low plastic strain amplitudes, where cross slip is not active in the H-precharged condition. In the
context of thermally activated deformation, hydrogen affects the dislocation glide resistance by
decreasing both the dislocation activation distance and spacing. The Haasen plot also indicates the
presence athermal obstacles to dislocation glide. Based on transmission scanning electron
microscopy (STEM) observations, these obstacles are likely to be dislocation cell walls in the non-
charged condition at all amplitudes and in the H-precharged condition at high amplitudes, and
dense dislocation tangles in the H-precharged condition at low strain amplitude. Because different
dislocation arrangements are favored at different plastic strain amplitudes in the presence of
hydrogen, the athermal stresses also are also amplitude dependent in the H-precharged condition.
Therefore, hydrogen affects both the dislocation glide kinetics and the microstructural evolution

in strain-hardened 316L under cyclic straining.

In the annealed CrMnFeCoNi alloy, the hysteresis loops reveal an unusual small yield point in the
first cycle (monotonic behavior) at all plastic strain amplitudes. Furthermore, the work hardening
rates are very low during the initial cycles. These phenomena are likely associated with the
compositional complexity of this alloy and the very low dislocation density after annealing.
Calculations of operational activation area reveal that dislocation interactions with the solid-
solution matrix and forest dislocations control the rate of cyclic deformation in the CrMnFeCoNi
alloy. Although dislocation cell structures are reported to develop during cyclic straining, cross
slip is not an operative rate-controlling mechanism. The results demonstrate that, despite the

different microstructural evolution under LCF testing, the kinetics of dislocation glide in this alloy



are the same under monotonic and cyclic loading conditions. Furthermore, the compositional
complexity does not lead to different rate-controlling obstacles compared to those observed in
conventional solution strengthened alloys under similar deformation conditions. Comparing the
cyclic behavior of non-charged and H-precharged CrMnFeCoNi, the addition of hydrogen leads
to serrated flow during the first cycle, which indicates a hydrogen pinning effect on mobile
dislocations that is overcome by an increase in dislocation density with further straining. Cyclic
hardening and softening followed by a region of approximately constant peak stresses that extend
to the end of life characterize the cyclic stress response in both material conditions. Hydrogen
increases the peak stresses by enhancing the effective stresses in this HEA, but it does not affect
the evolution of back stresses. Furthermore, severe reduction in crack initiation and total lifetimes
are observed in the H-precharged condition. The analysis of fracture surfaces reveals this reduction
is due to brittle intergranular failure in H-precharged CrMnFeCoNi, consistent with a reported

model of hydrogen-induced strain incompatibility across grain boundaries.

This dissertation work contains the first fundamental studies of dislocation glide processes during
cyclic deformation of strain-hardened Type 316L austenitic stainless steel and annealed
CrMnFeCoNi alloy using a unique “mechanical microscopy” approach. It is also the first study of
the influence of hydrogen on dislocation glide processes in 316L stainless steel. Lastly, it is the
first study to show extremely detrimental effects of hydrogen in CrMnFeCoNi during low cycle
fatigue. Together, these studies help advance our understanding of the opportunities and
limitations of using these materials in fatigue-critical structural and hydrogen energy related

applications.
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Chapter 1. Introduction

The fatigue behavior of metallic materials has been a topic of careful and constant investigation
that started almost 200 years ago with the advent of railroad systems. The concept of early failure
due to a gradual deterioration of the material’s structure during service was introduced by Rankine
[1] in an 1843 report regarding a fatal railway accident in France in the previous year. 12 years
later, Braithwaite [2] used the term ‘fatigue of metals’ to describe the fracture resulting from
repeated loading conditions that “disturb” the material from its “state of rest”. Since then, several
studies have been conducted to better understand fatigue behavior and mechanisms of fatigue
failure in metallic materials, and a nice summary of the major contributions is provided by Suresh
[3].

There are two main approaches commonly used to study different aspects of fatigue damage and
lifetime. According to Suresh [4], the total-life approach characterizes processes that lead to crack
initiation and final failure in uncracked (smooth or notched) solids, and tests can be conducted
under stress-control (high cycle fatigue or HCF) or strain-control (low cycle fatigue or LCF). On
the other hand, the damage-tolerant approach applies the theory of fracture mechanics to
characterize fatigue crack propagation in solids containing crack-like defects (pre-cracked). The
current work uses the total-life approach and, more specifically, plastic strain-controlled LCF tests,

as a tool to study mechanisms of cyclic deformation in metallic materials.

Plastic strain is the strain component responsible for damage and final failure [4, 5]. The idea of
characterizing fatigue lifetime in terms of plastic strain amplitude (Agy/2) was first introduced
independently by Coffin [6] and Manson [7], which resulted in the well-known Coffin-Manson

relationship (Eq. (1.1)):



=2 = g(2Np)° Eq. (L.1)

where ¢ is the fatigue ductility coefficient (approximately the true plastic strain at failure, &, from
monotonic tests), 2N is the number of reversals to failure, and c is the fatigue ductility exponent
(-0.5 to -0.7 in most metallic materials) [4]. During cyclic deformation, plastic strain induces
microstructural changes that lead to hardening and/or softening, strain localization, crack initiation
and propagation, and finally fatigue failure [5]. Therefore, controlling plastic strain during LCF
tests represents a more systematic approach than load- and total strain-controlled modes to
understand deformation processes, especially when different compositions or different material
conditions are being compared. In addition, it allows for a constant plastic strain rate throughout

the tests, which is a variable describing the mechanical state of the material [8].

Despite the benefits mentioned above, conducting LCF tests under plastic strain control is very
challenging. As illustrated in Fig. 1.1, the stress response in the elastic regime (highlighted)
becomes vertical when plotted against plastic strain. Experimentally it means that, in plastic strain
control using a servohydraulic testing system, an infinitesimal change in plastic strain can lead to
a very large change in stress, enough to cause mechanical instability and a machine shutdown. To
overcome this limitation, the control channels must be carefully tuned to operate at the ‘edge of
instability’, i.e., maintain a rapid response with minimum stress oscillations during the reversals
while sluggish enough to remain stable [9, 10]. True plastic strain-controlled LCF tests were
extensively used by Mughrabi and colleagues [11-20] to study mechanisms of cyclic deformation
in both body- and face-centered cubic materials, and remarkable contributions were made towards

the fundamental understanding of cyclic stress response and dislocation arrangements in fatigue.
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Fig. 1.1: Comparison between (a) true stress vs true total strain and (b) true stress vs true plastic
strain behaviors in low cycle fatigue. The highlighted segments represent regions of pure elastic
loading.

Although much groundwork has been covered in the field of LCF, there is still the need to re-
evaluate the cyclic behavior of commercially available alloys in the context of novel applications,
such as in the hydrogen energy industry. The interest in hydrogen as an energy carrier has emerged
with the increasing demand for alternative energy solutions in place of traditional carbon-based
approaches. This idea is accompanied by a plan to scale up the national hydrogen production and
use in transportation, chemical and industrial processes, power generation and hybrid energy
systems [21]. One of the most commonly used alloys in hydrogen handling systems is the Type
316L austenitic stainless steel due to its resistance to hydrogen embrittlement [22, 23]. The effect
of hydrogen on the fatigue behavior of this alloy has been widely investigated under load-
controlled HCF tests [24-28], and the focus has been on establishing fatigue performance-based

criteria for hydrogen service [29]. However, there is a lack of LCF studies under total strain [30]



and plastic strain control that characterize mechanisms of cyclic deformation and fatigue failure

in Type 316L stainless steel in presence of hydrogen.

In addition to understanding the fatigue response of existing materials in novels applications,
detailed LCF studies must be conducted in new materials, such as the group of materials known
as high entropy alloys, to determine their applicability in energy, transportation, and infrastructure
sectors. High entropy alloys represent a new class of metallic materials in which, unlike in
conventional alloy design, compositions towards the center of phase diagrams are explored. This
alloy design concept was first introduced by Cantor, et al. [31] and Yeh, et al. [32] in 2004 and,
since then, several compositions have been developed and tested. Among them, the equiatomic
single-phase FCC CrMnFeCoNi composition, also known as the Cantor alloy, has shown
promising mechanical behavior for future structural application, as summarized by George, et al.
[33], Li, et al. [34] and Cantor [35]. However, fundamental understanding of the mechanisms of
cyclic deformation and environmental degradation is still necessary before this alloy becomes

commercially available.

Despite the valuable information obtained through LCF tests, conventional experiments at a
constant plastic strain rate are not able to inform about the dislocation interactions that control the
rate of cyclic deformation. For that, transient tests such as (plastic) strain rate change tests must be
performed, and the relationship between flow stress and plastic strain rate used to calculate thermal
activation parameters that reflect the length scale of dislocations moving through discrete obstacles
on the glide plane [36]. Therefore, the goal of this dissertation is to integrate plastic strain-
controlled LCF tests and plastic strain rate change experiments to characterize the fundamental
mechanisms of cyclic deformation in Type 316L austenitic stainless steel and CrMnFeCoNi high

entropy alloy for structural and hydrogen energy applications. The results are separated into four



main chapters, described as follows. Chapter 2 is entitled ‘The Influence of Hydrogen on the Low
Cycle Fatigue Behavior of Strain-Hardened 316L Stainless Steel’, and it is collaboration with
Chris W. San Marchi and Douglas L. Medlin, from Sandia National Laboratories, Livermore
(SNLL). This is a published work that describes the LCF behavior of strain-hardened 316L
stainless steel in the non-charged and hydrogen-precharged (H-precharged) conditions. In addition
to informing about the evolution of effective and back stresses and the total fatigue lifetime, this
chapter introduces a new methodology for estimating fatigue crack initiation lifetime using stress-
strain hysteresis loop data. Chapter 3 is entitled “The Kinetics of Dislocation Glide During Low
Cycle Fatigue of 316L Stainless Steel Containing Hydrogen”, and it is a continuation of the study
conducted in Chapter 2 in collaboration with researchers from SNLL. In this chapter, plastic strain
rate change experiments are used to calculate thermal activation parameters. Along with scanning
transmission electron microscopy (STEM) images, the results reveal the influence of hydrogen on
microstructural development and thermally activated dislocation glide during cyclic straining. In
Chapter 4, the “Influence of Hydrogen on the Low Cycle Fatigue Behavior of the Equiatomic
CrMnFeCoNi High Entropy Alloy” is investigated. This study is a collaboration with Chris W.
San Marchi from SNLL and Easo P. George from Oak Ridge National Laboratory (ORNL), and it
informs about the changes in LCF response and fatigue failure mode induced by the presence of
hydrogen. The study in Chapter 5 is a collaboration with Easo P. George (ORNL) and describes
the “The Kinetics of Dislocation Glide During Low Cycle Fatigue of the Equiatomic CrMnFeCoNi
High Entropy Alloy”. It focuses on identifying the thermal obstacles influencing cyclic
deformation in this alloy and whether the rate-controlling mechanisms are different than those
found under monotonic loading conditions. Chapter 6 provides an overall summary and insight

into future research opportunities and, finally, the Appendices include details on the methodology



proposed for estimation of initiation lifetime, in addition to relevant data from LCF and plastic

strain rate change experiments.
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Chapter 2. The Influence of Hydrogen on the Low Cycle Fatigue Behavior of Strain-

Hardened 316L Stainless Steel?

Abstract

The present study focuses on the low cycle fatigue (LCF) behavior of strain-hardened 316L
stainless steel under plastic strain control, aiming to understand the influence of internal hydrogen
on fatigue performance and cyclic deformation behavior for energy-related technologies. The
strain-hardened 316L specimens tested at plastic strain amplitudes between 0.1% and 0.7% with
and without hydrogen displayed continuous cyclic softening. Internal hydrogen increases the
cyclic strength of this steel, with a greater difference in strength at low plastic strain amplitudes.
A Bauschinger analysis revealed that effective stresses represent the major contribution to the flow
stress for all material conditions and amplitudes. At low plastic strain amplitudes, effective stresses
are responsible for differences in cyclic strength between hydrogen-precharged and non-charged
specimens. In contrast, back stresses become more significant at high amplitudes, and more similar
deformation structures are observed. Although internal hydrogen reduced the total LCF lifetime at
all amplitudes, this degradation is more significant in the low amplitude regime. This result is
attributed to high effective stresses that lead to the onset of multiple slip at lower cumulative plastic
strains in the hydrogen-precharged condition compared to the non-charged condition at low
amplitudes. In addition, the evolution of the apparent elastic response of the material suggests that
the primary crack(s) nucleates at a smaller percentage of the total lifetime and propagated in fewer
number of cycles in the hydrogen-precharged than in the non-charged condition. Fracture surface

and gage section observations revealed a transgranular crack path and planar slip traces in both

! Published as D. M. Oliveira, C. W. San Marchi, D. L. Medlin, and J. C. Gibeling. Mater. Sci. Eng., A (2022):
143477.



material conditions, with internal hydrogen promoting multiple slip at lower values of cumulative

plastic strain than in the non-charged condition.

Keywords: Low Cycle Fatigue, Plastic Strain Control, Hydrogen, Bauschinger Stresses, Multiple

Slip
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2.1. Introduction

The growing demand for alternative energy solutions has motivated consideration of hydrogen
technologies in place of traditional carbon-based approaches, for example in fuel cell electrical
vehicles, heating, steel making and chemical reduction processes, as well as for energy storage
(i.e., use of renewable energy to generate hydrogen) [1-3]. Although hydrogen fuel cell vehicles
are already commercially available, further advancements in material selection and component
design require a fundamental understanding of mechanical performance in the presence of high-
pressure gaseous hydrogen. The fatigue behavior of materials used in hydrogen storage and
distribution systems is particularly important since components are often exposed to dynamic
loading conditions, where the absorbed hydrogen may affect the deformation mechanisms and

shorten service life.

In previous work on this topic, Gibbs, et al. [4] investigated the effect of internal hydrogen on the
high cycle fatigue (HCF) behavior of 316L austenitic stainless steel. Results from load-controlled
tension-tension tests of smooth specimens demonstrated that hydrogen has a detrimental effect on
fatigue life and slightly enhances the accumulation of plastic deformation at a given number of
cycles when testing is performed at similar stress levels relative to the yield strength. Similar
hydrogen-induced degradation in fatigue performance has been reported in several (load-
controlled) HCF studies of austenitic stainless steels, examples of which include the work of
Kuromoto, et al. [5], Nygren, et al. [6, 7], lijima, et al. [8] and Gibbs, et al. [9]. According to
Gibbs, et al. [4], the main contributions of hydrogen to the fatigue behavior of 316L steel are to
increase the yield strength and to change the deformation character. Although a significant
research effort has been devoted to investigating the interactions between hydrogen and the

dynamic microstructure [6, 7, 10-13], no unified understanding has been accepted. Additionally,
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the higher strength of material containing hydrogen means that in load-controlled tests the imposed
plastic strains differ between the specimens with and without hydrogen when they are tested at the
same load amplitude. However, fatigue crack initiation processes are well-known to be controlled
by plastic strain [14-17]. Thus, load-controlled high cycle fatigue tests may not enable an
appropriate comparison of mechanisms between materials with and without internal hydrogen.
This matter is further complicated by the fact that hydrogen usually leads to changes in ductility

[4, 9, 18, 19].

To avoid these concerns regarding high cycle fatigue testing, strain-controlled low cycle fatigue
(LCF) tests represent a meaningful method of identifying the mechanisms of hydrogen-assisted
fatigue. This approach emphasizes the deformation component that induces fatigue damage and
crack initiation. It is also a more realistic representation of the behavior near crack tips and defects
in the material, where local stresses often exceed the yield strength [20]. One of the few total strain-
controlled fatigue studies of austenitic steels available in the literature was conducted by Nguyen,
et al. [21] on a low nickel content hydrogen-precharged (H-precharged) 316L stainless steel. It
was observed that internal hydrogen significantly reduced the fatigue life, especially at high total
strain amplitudes. Post-fracture characterization using electron backscatter diffraction (EBSD)
revealed strain-induced martensitic transformation at the grain boundaries for both material
conditions. According to the authors, hydrogen diffuses through the phase transformation zone
and accumulates at the crack tip, resulting in the nucleation of microcracks, continuous crack tip
sharpening and enhancement of crack propagation. Nguyen, et al. concluded that both processes
of microcrack initiation and crack growth were responsible for the degradation of the LCF life in
their H-precharged 316L stainless steel with low nickel content [21], although this observation

may depend on the rate of cycling.
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Due to the limitations noted above for load-controlled HCF and the limited data for strain-
controlled LCF of hydrogen-containing austenitic stainless steels, the present study uses plastic
strain-controlled LCF tests to reveal new insights into the mechanism(s) of hydrogen-assisted
fatigue. Unlike other testing modes, this approach allows for a direct evaluation of the plastic
component of cyclic deformation under a constant plastic strain rate although the frequency differs
for each amplitude. By keeping the plastic strain rate constant, known rate effects on hydrogen-
assisted fatigue and fracture [22-26] are controlled for. This is an important distinction of the
results presented here compared to conventional strain- and load-controlled tests, where the plastic
strain rate can differ by an order of magnitude (or more) between different stress/strain amplitudes
representing the low cycle and high cycle regimes. Furthermore, these other testing modes
represent different deformation constraint conditions and different fatigue life dependences on

strength and ductility [14].

2.2. Materials and Methods

The strain-hardened 316L austenitic stainless steel tested in the current study was commercially
obtained as a 14.3 mm diameter round bar with the mill composition given in Table 2.1. Low cycle
fatigue specimens were machined to the geometry shown in Fig. 2.1. The gage surfaces were
mechanically polished with SiC paper and diamond polishing compounds down to 0.25 micron,

followed by ultrasonic cleaning in deionized water to remove debris from the surface.

Table 2.1: Chemical composition (wt%) of 316L stainless steel specimens [4].

Ni Cr Mo Mn Si Cu C N Co S P Fe
12.10 1762 206 131 057 030 0.021 0.04 0.33 0.025 0.024 Bal.
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Fig. 2.1: LCF specimen geometry and dimensions. All values are in mm.

The tested conditions were as-received (AR), H-precharged (PC) and heat-treated (HT). The 316L
specimens in the AR condition had no intentional addition of hydrogen. The PC specimens were
thermally charged in an autoclave with hydrogen gas pressure of 138 MPa at temperature of 573
K for approximately 13 days, which is sufficient time to saturate the specimen [27]. The
concentration of hydrogen in the grip section of a PC specimen was measured by inert gas fusion-
infrared absorbance at the conclusion of a fatigue testing and found to be 155 wt. ppm (parts per
million by weight). This hydrogen concentration is typical for these materials and precharging
conditions [27]. To confirm that the thermal exposure required for the precharging process was
not itself influencing the LCF lifetime, control specimens (HT) were also prepared. These
specimens were subjected to the same thermal exposure as for the precharging conditions, but in
air rather than hydrogen. No signs of oxidation were visually detected on the surface of the HT

specimens.

Low cycle fatigue tests were conducted in true plastic strain control in an MTS servo-hydraulic
testing system equipped with a load cell and an extensometer. The alignment of the load frame
was verified using a strain-gaged standard round specimen. The test command was controlled by
MTS TestStar and Testware-SX running software procedures adapted from Walley, et al. [28].

The experiments were performed at room temperature in a fully reversed mode (ratio of minimum
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to maximum plastic strain R = -1), using a constant plastic strain rate (£p) of 1x10 s™* and plastic

strain amplitudes (Ag,/2) between 0.1 and 0.7%.

True plastic strain, g,, is a computed variable determined from the measured load L and total
engineering strain, ;. The true elastic strain is calculated from the ratio of the true stress to the

elastic modulus E and subtracted from the true total strain to evaluate g, as shown in Eg. (2.1):

g =In(1+e)—(1+e)x AOLE Eqg. (2.1)

In this calculation, Aq is the initial cross-sectional area. The elastic modulus E was initially
obtained from strain-controlled tensile tests, conducted at a total strain rate of 2x10* s, Then, the
modulus was adjusted by an iterative process of running approximately 10 LCF cycles and
manually re-calculating the modulus from the first stress-plastic strain hysteresis loop so that the

loading and unloading portions were nearly vertical.

The failure criterion for this study was defined as the cycle at which the magnitude of the tension
peak stress is 20% less than the magnitude of the compression peak stress; this difference in stress
is associated with the formation of cracks that open in tension. Tests were terminated when this
condition was reached, usually prior to rupture of the specimen. After failure, scanning electron
(SEM) and confocal microscopes were used to characterize the microscopic features that evolved
on the polished surface of the gage section due to the imposed cycle deformation. The instruments
used were a Thermo Fisher Quattro S SEM operating at an accelerating voltage of 5-15 kV in the
secondary electron imaging mode, and a Zeiss Axio CSM 700 confocal microscope. Fatigue
fracture surfaces were then exposed by pulling the tested specimens in tension at a high loading

rate and observed using the same SEM instrument and operating parameters. Additional
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interrupted LCF tests were conducted at amplitudes of 0.3 and 0.8% for scanning transmission
electron microscopy (STEM) examination of dislocation arrangements with and without hydrogen.
Images were acquired using a Thermo Fisher Themis Z instrument operating at 300 kV using a
bright-field STEM detector with a beam convergence of 3.0 mrad. The specimens for transmission
electron microscopy were cut perpendicular to the loading axis from the gage section of the fatigue
specimens. The slices were mechanically thinned and polished to approximately 120 um thickness,
finishing with SiC polishing paper (p4000). Final specimen thinning to electron transparency was
conducted in a Struers TenuPol-5 electropolishing system using a solution of 90 vol. % ethanol
and 10 vol. % perchloric acid and operated at 24.6 V and a temperature of -10+0.4°C. The
measured polishing currents varied by specimen and over the course of the electropolishing but

were typically in the range of 52 — 84 mA.

To further understand the connection between the mechanical response and the deforming
microstructure, effective (o) and back (o},) stresses were calculated from the evolving hysteresis

loops using the Bauschinger analysis expressed in Eqg. (2.2) [29, 30]:

_ Omax—0o , __ 00— Omin
O, = T ; Op = T Eq (22)

where o, is the reverse yield stress, taken at a true plastic strain offset of 0.1% [31, 32], and G
and opj, represent the maximum and minimum peak stresses in each hysteresis loop, respectively.
Effective stress represents the component of the flow stress associated with the motion of
dislocations through a field of short-range obstacles, such as solute atoms and dislocation forests.
On the other hand, back stresses originate from interactions between dislocations and long-range

obstacles, such as grain boundaries, deformation twins and dislocation cell walls [31-34].
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In addition, the initiation lifetime was estimated from the analysis of the apparent elastic response
of the material. The collected load and total strain data were used to compute the slopes of the
tensile elastic unloading portions of the true stress-total strain hysteresis loops through linear least
squares regression. Then, the plot of the unloading slope as a function of the cycle number was
smoothed and fitted with an exponential decay equation to determine the number of cycles
necessary to produce a 1% decrease in unloading slope, defined here as the fatigue crack initiation
lifetime. Additional details of the new methodology used for this slope analysis are included in the

Appendix A.1.

2.3. Results

2.3.1. Hysteresis Loops

The hysteresis loops record the variations of cyclic true stress as a function of the applied true
plastic strain and provide information about the plastic work for each cycle and the changes in
flow stress with cycling. Fig. 2.2 shows representative hysteresis loops for AR and PC 316L
specimens tested at a plastic strain amplitude of 0.7%. The loops are symmetric along the plastic
strain axis, and the elastic unloading segments after tension and compression are nearly vertical
and parallel to each other. These loop shapes are typical for plastic strain-controlled tests in which
the correct elastic modulus is used for the calculations of elastic strains and non-linear elasticity
effects are absent [35-38]. The hysteresis loops in Fig. 2.2 also show that both AR and PC
conditions softened with increasing number of cycles, and this observation extends to all tested

amplitudes.
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Fig. 2.2: Hysteresis loops for (a) AR and (b) PC 316L stainless steel specimens tested at Ag,/2 =
0.7%. The black (circle), red (triangle) and blue (square) loops show the stress-strain response
for cycles number 10, 100 and 500, respectively.

2.3.2. Cyclic Stress Response Curves and Bauschinger Analysis

The cyclic stress response curves shown in Fig. 2.3 represent the evolution of tension and
compression peak stresses with cycling for the AR, PC and HT conditions at 0.2 and 0.7% plastic
strain levels. None of the tested specimens reached cyclic stress saturation. Instead, there was rapid
initial softening followed by a region of reduced and nearly constant rate of softening, which
represents the majority of the LCF lifetime. Tension and compression peak stresses have similar
magnitudes throughout the test. Near the end of life, tension and compression stresses diverge,
which is due to the differences in load carrying capacity and effective cross-sectional area of the

cracked surfaces under tension and compression.

Fig. 2.3 clearly shows the strengthening effect of H-precharging, consistent with previous studies
of the response of austenitic stainless steels in tension and high cycle fatigue [4, 9, 21, 39-43]. The

increase in strength is also confirmed by the (engineering) 0.2% offset yield strength from the first
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quarter cycle of fatigue specimens tested at 0.7% plastic strain amplitude. The obtained values of

yield strength for the AR and PC conditions are 587 MPa and 666 MPa, respectively.

The PC specimens also exhibit a shorter fatigue life compared to the non-charged AR and HT
conditions at the same plastic strain amplitude. At low amplitudes (Fig. 2.3 (a)), AR and HT
specimens exhibit similar LCF lifetimes, and hydrogen decreases the total life by a factor of 3. At
high amplitudes (Fig. 2.3 (b)), the fatigue life is decreased by a factor of 1.5 when internal
hydrogen is added. Although the heat treatment appears to positively affect the LCF resistance at
a plastic strain amplitude of 0.7%, that was not true at 0.2% nor was it true at 0.4% (results not
shown). Only one HT test was performed at each amplitude, so further interpretation of this result
would not be statistically significant. However, these observations confirm that the reduced
lifetime in the PC specimens is due to hydrogen and not to the thermal conditions required to

hydrogen-charge the material.
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Fig. 2.3: Cyclic stress response curves for AR (black circle), PC (red triangle) and HT (blue
square) conditions tested at Ag,/2 of (a) 0.2% and (b) 0.7%.

Fig. 2.4 shows the peak (total) tension stresses as well as effective and back stresses plotted as a

function of applied cumulative plastic strain for AR and PC conditions at (a) 0.2% and (b) 0.7%
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plastic strain amplitudes. For all amplitudes and conditions, the effective stresses were the
predominant component of the peak stresses. At low amplitude (Fig. 2.4 (a)), the back stresses
display similar magnitude for both conditions, thus the difference in cyclic strength between AR
and PC is attributed to the influence of internal hydrogen on the effective stresses. At high plastic
strain amplitude (Fig. 2.4 (b)), the contribution of back stresses to the total stresses becomes more
significant for both conditions. The higher cyclic strength observed in the PC condition for plastic
strain amplitude of 0.7% compared to 0.2% appears to be related to greater back stresses, since the
effective stresses show relatively little change compared to the lower strain amplitude.
Additionally, differences in strength between PC and AR conditions at high strain amplitudes are
due in equal measure to differences in effective and back stresses (unlike the case at low

amplitudes), suggesting that these conditions have more similar behavior in this amplitude regime.
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Fig. 2.4: Contributions to the peak tension flow stress for AR (black circle) and PC (red triangle)
conditions tested at Ae,/2 of (a) 0.2% and (b) 0.7%. Effective stresses and back stresses are
represented by open and crossed symbols, respectively.
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2.3.3. Cyclic Stress-Strain Curves

Since the materials did not reach saturation under the current fatigue testing conditions, the stresses
at half-life were considered as a basis for comparing the cyclic strength. The individual symbols
in Fig. 2.5 represent the peak tension stress at half-life as a function of the plastic strain amplitude
for the AR, PC and HT conditions, and the dashed lines indicate the fit to the standard cyclic form
of the Hollomon relationship [44], which is an empirical representation of strain hardening in
polycrystalline materials. These cyclic hardening curves are essentially parallel for the AR and PC
conditions, and the HT data points fall within the range for the AR behavior. The cyclic data also

reinforce the results shown in Fig. 2.3 regarding the strengthening effect of internal hydrogen at

all plastic strain amplitudes.
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Fig. 2.5: Cyclic Stress-Strain Curves for the AR and PC 316L stainless steel specimens.
Individual symbols show the cyclic half-life data, while solid and dashed lines represent
monotonic data and fit of the cyclic data to the Hollomon power law, respectively.
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The solid lines in Fig. 2.5 represent the monotonic stress-strain behavior for each condition,
obtained from the first quarter cycle of the largest tested amplitude (0.7%). A comparison between
monotonic and cyclic curves for each material condition confirms that cyclic softening occurs at

all tested amplitudes.

2.3.4. Strain-life Behavior

The strain-life plot containing the initiation and total fatigue life data for AR and PC 316L stainless
steel is shown in Fig. 2.6; the dashed lines represent a power law fit described in the form of the
standard Coffin-Manson equation [45, 46]. The focus of this plot is a comparison of the PC and
AR data; HT data were not included here since the stress response curves in Fig. 2.3 suggested

that the heat treatment does not alter the behavior of this condition compared to the as-received

condition.
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Fig. 2.6: Strain-life plot for 316L stainless steel comprising initiation (open symbols, dotted
fitting line) and final (closed symbols, dashed fitting line) fatigue lives.
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Fig. 2.6 reveals that fatigue crack initiation encompasses most of the fatigue life for both material
conditions at all imposed plastic strain amplitudes. The power law fit parameters from Fig. 2.6
were used to estimate the fraction of the total fatigue life spent in crack initiation for each
condition; those values were, on average across all amplitudes, 85% for the AR condition and 78%
for the PC condition. Whereas internal hydrogen has only a modest effect on the fraction of the
total life required to initiate a crack, the absolute number of cycles can be strongly influenced by
internal hydrogen. At 0.1% plastic strain amplitude, the primary crack initiated at approximately
3.5 times fewer cycles in the PC than in the AR condition; this factor decreased to 1.2 at the 0.7%
plastic strain amplitude. Fig. 2.6 also indicates that hydrogen degraded the total LCF life at all
plastic strain amplitudes in this study, consistent with observations from the stress response curves,
but the extent depends on the amplitude. As previously noted and unlike other reported results
[21], the difference in number of cycles to failure between AR and PC conditions is larger at low
plastic strain amplitudes, meaning that the presence of internal hydrogen causes a greater relative
reduction on initiation and total life at low plastic strain amplitudes than at high plastic strain
amplitudes. In addition, the Coffin-Manson slopes for initiation and total lives are similar for each
tested condition, with a nearly constant offset between these fits, implying that initiation and

relatively short crack growth are controlled by the same mechanism.

These clear changes in LCF lifetime in 316L steel induced by the presence of hydrogen suggest
that there might be distinctively different slip and fracture morphology behaviors. Thus,
microstructural observations of surface slip marks and fracture surfaces were conducted, and the

results are presented in the sections below.
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2.3.5. Surface Slip Markings

SEM images of the AR and PC gage sections at a similar extent of applied cumulative plastic strain
and at low plastic strain amplitudes are shown in Fig. 2.7. For the AR condition, the gage surface
was imaged after a test at 0.3% amplitude interrupted at half-life, equivalent to an approximate
cumulative plastic strain of 25.4. For the PC condition, areas were probed around the primary crack
after testing at 0.2% plastic strain amplitude, or 27.2 cumulative plastic strain. Fig. 2.7 indicates
fine planar slip lines for both conditions, with no detectable differences in slip step spacing.
Although regions of multiple intersecting dislocation slip were present in both AR and PC surfaces,
a higher density of these features was observed in the latter condition. In addition, microcracks

along slip bands were detected in both material conditions.

Fig. 2.7: SEM images taken at different locations around the gage section of AR and PC 316L
specimens at a similar magnitude of cumulative plastic strain and at low plastic strain
amplitudes. (a, b) AR tested at Agy/2 = 0.3% up to half-life. (c, d) PC after failure at Ag,/2 =
0.2%. The white arrows in (a) and (c) indicate the straining direction for AR and PC,
respectively.
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Fig. 2.8 shows the SEM images of the gage surfaces near the primary crack after testing (a, b) AR
and (c, d) PC specimens tested at 0.7% plastic strain amplitude. The difference in cumulative
plastic strain between AR and PC at this amplitude is approximately 27%. The image indicates a
high density of slip traces and extensive multiple dislocation slip around the crack for both material
conditions, as expected from the larger applied plastic strain amplitude (0.7%). Microcracks are
observed along slip lines in Fig. 2.8 (a) and (d), and the primary crack is coincident with the planes
of intense slip activity in both AR and PC conditions. Away from the primary crack, the SEM
observations of the slip traces showed no obvious differences in their distribution and arrangement

when comparing AR and PC at this plastic strain amplitude.

Fig. 2.8: SEM images taken at different locations around the primary crack in (a, b) AR and (c,
d) PC 316L stainless steel specimens after failure at Ag,/2 = 0.7%. The white arrow in (a)
indicates the straining direction for all specimens.
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The extent of plastic deformation on a larger scale was evaluated with confocal microscopy as
shown in Fig. 2.9 representing approximately 80% of the gage length. At 0.2% plastic strain
amplitude (Fig. 2.9 (a) and (b)), there are no visible differences in density and distribution of slip
traces along the gage length between the AR and PC conditions at the end of the test. At 0.7%
plastic strain amplitude (Fig. 2.9 (c) and (d)), a second macroscopic crack that nucleated at the
indentation from one of the extensometer knife edges in the PC specimen can be observed on the
left side of Fig. 2.9 (d). There is a similar density of slip traces around the crack for both conditions
in Fig. 2.9 (c) and (d), but lower density of slip traces away from the crack in the PC than in the
AR condition, even though their applied cumulative plastic strains were relatively similar at this
high amplitude. That is, the slip activity appears to be more concentrated in the PC condition when

tested at high amplitudes.

PC 0.2%

AR 0.7%

N

PC0.7%

Fig. 2.9: Confocal microscopy images taken at different locations around the primary crack in (a,
¢) AR and (b, d) PC 316L stainless steel specimens after failure at Ae,/2 of (a, b) 0.2% and (c, d)
0.7%. The white arrow in (a) indicates the straining direction for all specimens. The imaged
areas correspond to approximately 80% of the gage length.
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2.3.6. Fracture Surface Observations

Fig. 2.10 depicts a representative low magnification SEM image of the fracture surface of the AR
condition tested at 0.2% plastic strain amplitude. Although the roughness of the fracture surface
suggests that there is more than one crack initiation site and the crack path is tortuous, it is still
possible to clearly define the crack propagation and tensile overload regions. The latter was
induced by pulling the specimen in monotonic tension after the fatigue test was stopped, and it is
characterized by voids and dimples typical of ductile fracture mechanisms. A similar topography

was observed in the PC condition at the same plastic strain amplitude, but it is not shown here.

©

»
(. Loading

Fig. 2.10: SEM images for the AR specimen tested at Ag,/2 = 0.2% showing the fracture surface
at a lower magnification. The red arrows point at the areas where the primary cracks possibly

initiated.
Higher magnification SEM images of the fracture surfaces for both the AR and PC specimens are
provided in Fig. 2.11. A few secondary cracks are apparent on the fracture surface in the PC
condition when tested at 0.2% plastic strain amplitude (Fig. 2.11 (c)), but they are largely absent

from the AR counterpart (Fig. 2.11 (a)). The observed secondary cracks on the PC fracture surface
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after testing at 0.2% plastic strain amplitude may be related to the microcracks apparent on the
specimen surfaces (Fig. 2.7 (d)), as they appear to be associated with slip traces and planar features.
In addition, parallel fatigue striations are visible in some regions for both conditions as shown in
Fig. 2.11 (a) - (d), suggesting that the main mechanism of fatigue crack propagation in this alloy

with and without hydrogen is through crack-tip blunting and resharpening [47, 48].

Fig. 2.11: Fracture surface SEM images for the (a, b) AR and (c, d) PC specimen tested at Ag,l2
of (a, ¢) 0.2% and (b, d) 0.7% showing the crack propagation area. Red arrows in (c) point at
microcracks along the testing direction.

2.4. Discussion

2.4.1. Fatigue Deformation Damage

The strain-hardened 316L austenitic stainless steel examined in this study exhibits continuous

softening over the course of the LCF test at all plastic strain amplitudes as revealed in Figs. 2.3
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and 2.5. Other researchers have attributed softening during cyclic straining in metals to the
interaction of mobile dislocations and consequent changes in the strain hardened microstructure
[14, 49]. In addition, tension and compression peak stresses have similar magnitudes over the
majority of the lifetime for both the AR and PC conditions at all plastic strain amplitudes, as seen
in the stress response curves in Fig. 2.3. Ma, et al. [50] analyzed the tension-compression
symmetry during cyclic deformation in terms of percentage difference between the tension and
compression peak stresses. They attributed the symmetric behavior to the lack of constraints that
would lead to strain localization and heterogeneous plastic deformation. Since the measured peak
stresses represent the flow stress averaged across the entire gage volume, the tension-compression
symmetry observed throughout most of the fatigue lifetime suggests that plastic deformation
occurs in a homogeneous manner on a macroscopic scale during straining for both AR and PC
conditions. These observations are supported by the results of the Bauschinger analysis in Fig. 2.4;
these results show that the major contribution to the stress response curves in AR and PC at all
plastic strain amplitudes comes from effective stresses, which induce isotropic hardening [51].
Therefore, the tension and compression symmetry revealed in Fig. 2.3 is consistent with the non-

directional strengthening suggested by the dominant presence of effective stresses.

Internal hydrogen increases the strength of austenitic stainless steels in tensile tests, typically on
the order of 10-20% for 150 wt. ppm internal hydrogen [42, 52]. Consideration of the strengthening
effect of internal hydrogen in stress-based fatigue has also been shown to be important [8, 9, 39,
40]. A similar hydrogen-induced strengthening effect is observed here in the stress response curves
(Fig. 2.3) and for both monotonic and cyclic stress-strain curves (Fig. 2.5), although the hydrogen-
induced strengthening is somewhat greater for the cyclic than for the monotonic flow curves.

Furthermore, there is a greater difference in peak stress values between the AR and PC conditions
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at low strain amplitudes than at high amplitudes (Figs. 2.4 and 2.5). At 0.1% plastic strain
amplitude, the presence of hydrogen increases the tension flow stress by approximately 18% in
the first cycle (monotonic data) and 24% at half-life (cyclic data). In contrast, at 0.7% plastic strain
amplitude the increase is less than 10% and 15% for the first cycle and half-life, respectively. This
greater influence of internal hydrogen on flow stress at low plastic strain amplitudes is due to the
difference in effective stresses between AR and PC conditions revealed by the Bauschinger
analysis shown in Fig. 2.4 (a); it also correlates with the larger difference in LCF lifetime between
AR and PC in the low amplitude regime (Fig. 2.6). Since effective stresses are often correlated to
dislocation and solid solution strengthening mechanisms [31-34], these results indicate a higher
concentration of short-range obstacles to dislocation glide at low amplitude when hydrogen is
present (PC) compared to without hydrogen (AR). In contrast, for higher plastic strain amplitude,
internal hydrogen has a comparatively modest influence on the effective stresses, and the flow
stresses in the PC condition are attributed to hydrogen’s influence on both the effective and back
stresses. For both PC and AR conditions, the back stresses at high strain amplitude represent a
larger fraction of the total flow stress than at low amplitude, underscoring the importance of long-
range dislocation interactions at higher strain amplitudes. Therefore, this analysis demonstrates
that internal hydrogen has large influence on short-range dislocation interactions (effective stress
component) at low amplitudes; however, when the strain amplitudes become relatively large, the
longer range interactions (back stresses) contribute more to the stress response. The latter effect is

more significant in the presence of internal hydrogen.

The changes of back stresses in AR and PC conditions as the plastic strain amplitude increases
correspond with the evolution of dislocation arrangements within the microstructure. Well-defined

dislocation-cell structures are commonly reported in 316L stainless steel observed after exposure
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to cyclic loading conditions [7, 53, 54]. Our STEM observations of the AR condition also show
the presence of well-defined cellular structures after interrupted tests at 0.3 and 0.8% plastic strain
amplitude (Fig. 2.12 (a) and (b), respectively). In contrast, comparable well-defined cellular
structures with tight walls were only observed in the PC condition at the high plastic strain
amplitude (Fig. 2.12 (d)). At the lower strain amplitude (0.3%), only diffuse cells and loose tangles
of dislocations are observed (Fig. 2.12 (c)). Similar diffuse cells and dense dislocation tangles were
also observed in the untested as-received (strain hardened) material. Dislocation cells are a
potential source of back stresses in both AR and PC conditions and the change in back stresses
with amplitude correlates with the change in substructure, which is more significant when internal
hydrogen is present. Because cell structures contribute to a homogeneous deformation behavior
[55], such structures help explain the more similar lifetimes in both conditions at high plastic strain

amplitudes.
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Fig. 2.12: STEM images of (a, b) AR and (c, d) PC 316L steels at (a, ¢) 0.3% and (b, d) 0.8%
plastic strain amplitude showing dislocation cell structures. The images were obtained following
LCF tests interrupted at half-life.

The planar slip structures present on the gage surface of AR and PC specimens (Figs. 2.7 and 2.8)
characterize the deformation within a grain and result from dislocations gliding primarily in one
family of slip planes [56]. These structures are typical in austenitic stainless steels because of their

low stacking fault energy [57, 58]. Fig. 2.7 (c) and (d) show multiple slip activity in several grains
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around the primary crack in the PC condition after testing at 0.2% plastic strain amplitude. In
contrast, in the AR condition after a similar level of cumulative plastic strain (Fig. 2.7 (a) and (b)),
the gage surface revealed a much lower concentration of intersecting slip traces. Multiple slip is
commonly activated in polycrystalline FCC metals at high values of local stresses [14].
Additionally, previous studies have proposed that hydrogen favors localization of slip into planar
slip bands and therefore enhances the local shear strains and stresses in austenitic stainless steels
[10, 59, 60]. These observations suggest that internal hydrogen plays an important role in
enhancing slip planarity and promoting strain localization and hardening, which leads to the
activation of multiple slip at lower values of cumulative plastic strain than in the absence of
hydrogen. These planar features are also consistent with the dominant contribution of effective
stresses to the flow stress, reflecting the importance of short-range dislocation interactions. In
contrast, the formation of dislocation cells at high imposed strain levels, as shown in Fig. 2.12,

reduces the impact of hydrogen on planar slip.

2.4.2. Fatigue Crack Initiation

It is well established that accumulation of permanent cyclic damage leads to microcracking, which
decreases the stiffness of the material and induces anisotropy in the stress-strain behavior [14, 61,
62]. In the context of this work, the coalescence of fatigue-induced microcracks into a propagating
primary crack is assumed to coincide with the observed change in the shape of the hysteresis loops
during a LCF test. The evolution of these loops with cyclic straining is illustrated in Fig. 2.A.1.
Assuming that the modulus is linearly proportional to the cross-sectional area, a change of apparent
elastic modulus of 1% represents a circumferentially uniform crack with a depth of about 8um (but
represents an equivalent area of about 40 grains, assuming a grain size of 50um). In reality, cracks

do not initiate uniformly around the circumference of the specimen; rather multiple cracks initiate
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at the surface before propagating across the gage diameter. Thus, this definition of crack initiation
is characterized by crack(s) substantially larger than 8um but assumed to represent nominally 1%

of the cross-sectional area and tens of grains.

As described with respect to the strain-life results (section 2.3.4), crack initiation represented 85%
of the life for the AR condition and 78% of the life for the PC condition. These numbers suggest
only a small difference in average fraction of the life necessary to initiate a primary crack.
However, since the number of cycles to failure is lower in the PC condition at a given strain
amplitude, the formation of a crack occurs after substantially fewer cycles in the PC than the AR
condition (Fig. 2.6). The initiation of the primary crack reduces the load carrying capacity of the
gage section and localizes the damage around the crack(s). This process is readily observable in
the PC specimen when comparing the confocal microscopy images in Fig. 2.9 (c) and (d).
Furthermore, the accelerated formation of these microscopic flaws in PC specimens correlates with
the higher effective stresses (generally due to dislocation interactions with solutes or other
dislocations) in presence of internal hydrogen and to the activation of multiple slip systems at
lower magnitudes of cumulative plastic strains than in the AR condition. Secondary slip planes
can be obstacles to slip, promoting local stress concentrations and the formation of microcracks,
which are processes that appear to be enhanced by hydrogen as described by Nibur, et al. for
fracture [63]. In fatigue, the same processes are at play: hydrogen promotes strain accumulation in
deformation bands (as shown by Sabisch, et al. [13]), thus activating multiple slip and inducing
microcrack formation on intersecting planes. In short, internal hydrogen promotes interaction of
slip planes and initiation of microcracks at these locations, as seen on the gage surface in Fig. 2.8

(d) and on the fracture surfaces in Fig. 2.11 (c).
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2.4.3. Fatigue Crack Propagation and Failure

Fatigue cracks generally propagate at a higher rate in the PC condition than in the AR condition
according to the analysis presented in Fig. 2.6, consistent with observations from other studies of
fatigue crack growth in austenitic stainless steels [7, 22, 64-68]. Whereas the fraction of the fatigue
life associated with propagation is slightly greater in the PC condition, the absolute number of
cycles to propagate a crack to failure is generally less in the PC condition. Considering the higher
flow stress in the PC condition for the same strain amplitude, one would expect the cracks to
propagate faster in the PC condition, since the driving force on a macroscopic crack is related to
the applied stress. Additionally, the role of hydrogen in constraining deformation into planar slip
bands and promoting microcracking (as discussed above) may also contribute to enhanced crack

growth.

As illustrated in Fig. 2.11, fatigue cracks were transgranular in specimens both with and without
hydrogen. There was no evidence that hydrogen activated grain boundary fracture or changed the
cracking on the length scale of the grains. Again, internal hydrogen significantly reduces the total
LCF lifetime of this material at all plastic strain amplitudes, although this effect is greatest at low
plastic strain amplitudes. This detrimental effect related to its influence on deformation as
observed in the stress response curves, Bauschinger analysis and strain-life plots (Figs. 2.3, 2.4
and 2.6, respectively) and is consistent with other investigations of fatigue performance in

hydrogen environments [4, 6, 21, 69].
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2.5. Conclusions

Low cycle fatigue tests were performed to investigate the influence of internal hydrogen on strain-
hardened 316L austenitic stainless steel under plastic strain-control at constant plastic strain rate
for as-received (AR), heat-treated (HT) and H-precharged (PC) conditions. The main findings are

summarized as follows:

1. Although monotonic and cyclic strengths were greater in PC than in AR specimens, the
total LCF lifetimes were significantly reduced in the PC condition at all tested amplitudes.
This effect is more significant at low amplitudes than at high amplitudes. Comparisons of
the stress response curves for AR, PC and HT conditions confirmed that the degradation in
LCF performance is indeed induced by hydrogen, not by the thermal exposure during H-

precharging.

2. The Bauschinger analysis revealed that effective stresses represent the major contribution
to the flow stresses at all conditions and plastic strain amplitudes. At low amplitudes, the
higher cyclic flow stress in the PC condition is attributed exclusively to the influence of
internal hydrogen on the effective stresses. For high strain amplitude, internal hydrogen
increases the cyclic flow stress through both effective and back stresses. This transition
from hydrogen principally affecting the effective stresses at low strain amplitude to greater
influence on the back stress at higher strain amplitude is consistent with a transition from
short-range hydrogen dislocation interactions at low strain amplitude toward hydrogen

influence on longer range interactions at higher strain amplitude.

3. The crack initiation analysis revealed that most of the fatigue lifetime is spent on the
process of fatigue crack initiation at all plastic strain amplitudes and material conditions.
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However, internal hydrogen accelerates crack initiation, resulting in more localized
damage along the gage section. Although the percentage of the total life corresponding to
crack propagation is larger in the PC condition, the absolute number of cycles to propagate
a crack to failure of the specimen is smaller when internal hydrogen is present. This
observation is consistent with the higher cyclic stresses found in presence of hydrogen at a

given strain amplitude, which act as the driving force for crack propagation.

SEM observations revealed planar slip as an important deformation mode in both
conditions. At low plastic strain amplitudes, internal hydrogen promotes slip planarity and
multiple slip at lower cumulative plastic strains than in the AR condition. The resultant
local increase in shear stresses would act as driving force for the initiation of microcracks
at slip band intersections when internal hydrogen is present, resulting in crack initiation at
lower number of cycles compared to specimens without hydrogen. Furthermore, hydrogen
inhibits the formation of cell structures after cyclic deformation at low amplitude. At high
amplitudes, the deformation induced cellular microstructures are very similar in both
conditions; this similarity leads to more homogeneous deformation and is correlated with

the smaller difference in LCF lifetime between the AR and PC conditions.
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Chapter 3. The Kinetics of Dislocation Glide During Low Cycle Fatigue of 316L Stainless

Steel Containing Hydrogen?

Abstract

A framework of thermally activated dislocation glide is applied to investigate the effect of
hydrogen on the mechanisms of cyclic deformation in strain-hardened 316L stainless steel. Non-
charged and hydrogen-precharged (H-precharged) specimens were low cycle fatigue (LCF) tested
under plastic strain control. A series of plastic strain rate changes was performed periodically at
the peak true plastic strain from the first cycle to half-life, and at various plastic strain values
around stable hysteresis loops at half-life to determine the operational activation area, Aa”. Both
material conditions experience a rapid increase in Aa” during the initial rapid softening, varying
from 50-160 b? across different plastic strain amplitudes, followed by a region of steady values
that coincide with the reduced rate of softening. At half-life, hydrogen decreases Aa” from 100-
300 b? in non-charged to 60-200 b? in H-precharged conditions at a given true stress due to its
effect on the activation distance and obstacle spacing. The magnitudes of Aa® and STEM
observations of dislocation arrangements reveal that solutes, forest dislocations and cross slip are
important thermal obstacles for dislocation glide at all plastic strain amplitudes, except that cross
slip operates in the H-precharged condition only in the high amplitude regime. A Haasen plot
analysis indicates that forest dislocations control the rate of deformation in both material
conditions. It also reveals the presence of athermal obstacles in both non-charged and H-
precharged conditions, likely to be dense dislocation tangles and cell walls. The effect of hydrogen

on microstructure evolution leads to a dependence of athermal stress on plastic strain amplitude.

2 To be submitted as D. M. Oliveira, C. W. San Marchi, D. L. Medlin, and J. C. Gibeling. Acta Mater. (2023).
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3.1. Introduction

The increasing demand for hydrogen-based technologies and expected increase in hydrogen fuel
usage have raised concerns about the performance of structural alloys in high hydrogen gas
pressure environments. Because hydrogen used as a fuel must be stored at high pressures, systems
for its distribution are subject to repeated pressurization cycles leading to fatigue damage and
potential failure. Furthermore, hydrogen is well-known to interact with materials and compromise
their structural integrity, a process broadly referred to as hydrogen embrittlement, which has been

studied by numerous researchers for over 100 years [1-4].

Several studies of the influence of internal hydrogen on the high cycle fatigue performance of
austenitic stainless steels, a class of materials commonly used in hydrogen handling systems, have
been reported in literature [5-12]. Most of these were conducted under load control, which may
not be the ideal approach to understanding mechanisms of damage accumulation and fatigue crack
initiation [12]. Only a few strain-controlled low cycle fatigue (LCF) test results have been reported
[11, 12]. Among these, Nguyen, et al. [11] investigated the total strain-controlled low cycle fatigue
(LCF) behavior of a low nickel content 316L stainless steel with and without internal hydrogen.
The authors attributed the reduction in LCF lifetime in the presence of internal hydrogen to
hydrogen-induced localized deformation that led to microcrack formation in this material.
Oliveira, et al. [12] also observed a decrease in LCF lifetime in hydrogen-precharged specimens
tested under plastic strain control when compared to their non-charged counterparts; this effect
was more significant at low plastic strain amplitudes. The degrading effect of hydrogen was
correlated with dislocation interactions that lead to differences in effective stresses and dislocation
microstructures when hydrogen is introduced. Although these studies provide an initial evaluation

of the fatigue features present during and after testing at different (plastic) strain amplitudes, the
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fundamental nature of hydrogen interactions with dislocations that affect the macroscopic cyclic

deformation behavior in austenitic stainless steel is still not fully explained.

A well-established methodology to investigate the kinetics of dislocation motion during
deformation is through transient experiments, such as stress relaxation and strain rate change tests,
founded on the theory of thermally activated dislocation glide [13]. In the latter test method, for
example, a small and sudden perturbation of the initial deformation conditions (expressed as a
change in plastic strain rate) results in an instantaneous and reversible change in the flow stress
associated with thermally activated dislocation glide [14]. An important assumption for these
relationships is that the microstructure remains constant at the instant of rate change [13-15], which
could be achieved by changing the rate of deformation nearly instantaneously and having a very
high time resolution for data acquisition. The change in stress measured during the strain rate
change tests is then used to determine the activation area, a thermal activation parameter that
reflects the length scale of dislocation interactions with discrete obstacles on the glide plane. The
true activation area Aa is a function of the activation distance Ay and the equilibrium distance

between obstacles in a uniform distribution I, as represented in Eq. (3.1) [13].

Aa = Ay x [, Eg. (3.1)
Experimentally, the parameter calculated during the rate change tests is the operational activation

area Aa’, which reflects the dependence of the thermal activation rate on the flow stress ¢ (Eq.
(3.2)).

MkgT Olné&
— "B 7P

Aa*
b oo

Eq. (3.2)
where M is the Taylor factor (3.06 for FCC materials), kg is the Boltzmann constant (1.38x10°%

JIK), T is the temperature, b is the magnitude of the Burgers vector (0.254 nm for 316L stainless
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steel [16]) and €, is the true plastic strain rate. According to Conrad [15], Basinski [17], and
Bonneville and Escaig [18], typical orders of magnitude of operational activation areas for
dislocation glide are 10-10? b? for control by lattice friction, 10>-10* b? for forest dislocations
(varies with dislocation density), 102-10° b? for solute atoms (varies with solute concentration) and

10-10? b? for cross slip.

An additional analysis of the thermal activation results, proposed by Kocks, Argon and Ashby [13]
and by Mulford [19], consists of plotting the inverse of the operational activation area as a function
of the flow stresses at a given microstructural state. This analysis is based on observations of
thermal activation effects on the plasticity of nickel single crystals reported by Haasen [20], and it
allows for the identification of the nature of the obstacles controlling dislocation glide kinetics. A
schematic representation of the resulting Haasen plot is shown in Fig. 3.1, in which the inverse
activation area normalized by the square of the magnitude of the Burgers vector is shown as a

function of flow stress.

b? e

Aa* Obstacles more
rate-sensitive than
dislocations

v

Obstacles more

Dislocations athermal than

only / dislocations

Oath

Flow stress

Fig. 3.1: Schematic representation of the Haasen plot and its interpretation. Adapted from [19].
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If there is a single set of discrete obstacles to dislocation glide, namely forest dislocations, the data
in the Haasen plot follow a linear behavior and can be extrapolated through the origin. This linear
relationship indicates that the material obeys the Cottrell-Stokes law [21], i.e., the stress sensitivity
of the strain rate (0ln(€,)/0In(o)) at a given temperature and microstructure remains constant during
strain hardening. If there are multiple sets of obstacles controlling dislocation glide, the
relationship between the inverse of the activation area and the flow stress might still be linear if
the Cottrell-Stokes law still holds, but an additional stress term needs to be considered [19].
Consequently, the Haasen plot data extrapolates through a positive or negative value of flow stress,
indicating that the second set of obstacles is more athermal (rate-insensitive) or more thermal (rate-
sensitive) than forest dislocations, respectively. The intercept on the positive stress axis is the
athermal stress oy, representing the contribution of the athermal obstacle(s) to the flow stress [19].
In addition, according to Mulford [19] and Kocks, Argon and Ashby [13], the slope of the Haasen
plot is inversely proportional to the work done during thermal activation of rate-sensitive obstacles

(AW), which can be written as in Eq. (3.3) and reflects the characteristics of the thermal obstacle

profile.

AW = agbAa Eq. (3.3)
Sirois and Birnbaum [22] investigated the influence of internal hydrogen on thermally activated
dislocation glide in pure Ni and Ni-C alloys using stress relaxation experiments. The authors
reported a decrease in activation area in both materials in the presence of hydrogen, which was
correlated to hydrogen shielding and hydrogen-enhanced dislocation mobility effects [23, 24].
Similar observations were made by Wang, et al. [25] after performing stress relaxation
experiments in pure iron prepared by cathodic charging with hydrogen. However, to the authors’

knowledge, there are no such experimental investigations comparing thermal activation parameters
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in hydrogen charged to those of non-charged austenitic stainless steels. Furthermore, no studies of
the kinetics of dislocation glide during cyclic deformation of hydrogen-containing materials have

been reported.

Within this context, the goal of the current study is to investigate the influence of hydrogen on the
kinetics of dislocation glide in 316L austenitic stainless steel by applying plastic strain rate changes
during cyclic deformation tests. Changes in operational activation area with increasing cumulative
plastic strain are used to inform about the evolution of the dislocation interactions in a dynamic
microstructure. At half-life, the analysis of the Haasen plot at a microstructural state of dynamic
equilibrium provides information about the nature of the main obstacles controlling dislocation
glide and strengthening of this steel. These test results, combined with scanning transmission
electron microscopy (STEM) images, provide an integrated framework to characterize the effect
of hydrogen on mechanisms of cyclic deformation in 316L stainless steel on the scale of
dislocation glide, in addition to highlighting the fundamental interactions responsible for the

strengthening in the presence of hydrogen.

3.2. Experimental

3.2.1. Materials

Type 316L austenitic stainless steel rods with 6.35 mm diameter were machined from a round bar
commercially obtained in the strain-hardened condition into LCF test specimens with 3.2 mm gage
diameters and 10.2 mm gage length. The specimen dimensions were in accordance with ASTM
E606 specifications [26]. Further details of the alloy composition and specimen geometry are
reported elsewhere [12]. The gage surfaces were mechanically ground and polished with SiC paper

and diamond polishing compounds down to 0.25 pum. Specimens were tested in the non-charged
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(as-received or AR), with no intentional addition of hydrogen, and hydrogen-precharged (H-
precharged or PC) conditions. The environment for H-precharging consisted of hydrogen gas at a
pressure of 138 MPa and temperature of 573K. The specimens were exposed for 13 days, resulting
in a hydrogen concentration of 155 wt. ppm as measured through inert gas fusion-infrared

absorbance.

3.2.2. Low Cycle Fatigue and Plastic Strain Rate Change Methods

A series of true plastic strain rate change experiments was performed during LCF tests using real-
time calculations of true plastic strain as the controlling variable, as described previously [12]. The
LCF tests were carried out in an MTS 810 servo-hydraulic testing machine running MTS TestStar
and Testware-SX software codes adapted from Kaschner and Gibeling [27]. An MTS axial
extensometer with gage length of 7.6 mm and an Interface force transducer with 11120 N capacity
provided the total strain and load inputs, respectively, used for the calculation of true plastic strain.
The system was carefully tuned to optimize response during the strain rate changes while avoiding
instabilities. Furthermore, the modulus used to calculate the elastic strains was first obtained from
tensile tests, then further refined to generate vertical segments at each end of the true stress-plastic
strain hysteresis loops. The base cyclic command was a triangle wave with a constant plastic strain
amplitude in the range of 0.3% to 0.8% for individual tests, resulting in a constant plastic strain

rate of 1x1073 s* in each case. Duplicate experiments were carried out at each tested amplitude.

The plastic strain rate changes were imposed by switching test control to an external function
generator (MTS 418.91 MicroProfiler) programmed via an auxiliary computer running custom
software [27]. The external function generator was programmed to execute one complete cycle at
the base strain rate prior to the cycle with the strain rate change, except during the first quarter
cycle. Load and total strain data were collected by simultaneously triggering two Hewlett-Packard
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3458A digital voltmeters at a sampling rate of 500 readings per second, and a total of 2000 readings
were stored per rate change event (one second before and three seconds after the rate change). Two
distinct types of experiments were conducted for each specimen. The first set of rate changes was
performed periodically at the peak true plastic strain from the first cycle up to half-life to assess
changes in operational activation area induced by an increase in cumulative plastic strain. The
number of cycles corresponding to half-life for each plastic strain amplitude was determined based
on previous LCF lifetime results in 316L stainless steel [12]. A typical testing sequence included
a rate change every 3 cycles, starting in the first quarter cycle, for 8 rate changes, then every 10
cycles for 8 rate changes, every 20 cycles for 10 rate changes, every 50 cycles for 20 rate changes,
and every 100 cycles until half-life was reached. At the selected peak strains, the applied plastic
strain rate was changed from the nominal value of 1x102 s to a new value of 5x10* s and an
additional 0.15% plastic strain was imposed at this second plastic strain rate, as illustrated in Fig.
3.2 (a). To calculate the operational activation area Aa” from the dependence of stress on plastic
strain rate (Eq. (3.2)), the precise time of the rate change was defined based on the change in slope
of the load-time data. True plastic strain rates were obtained from a linear fit of the true plastic
strain-time data. Then, the load-time data at the second plastic strain rate were fitted with a
weighted second order polynomial equation and back extrapolated to estimate the value of true
stress immediately after the rate change. The assigned weighting factors were 1, 3 and 5, and the
range of the load-time data for each value was chosen based on the extent of the oscillations (as
visible in Fig. 3.2 (b)). In general, the polynomial fit in the region immediately after the rate change
was weighted by a factor of 1, while the region near the end of the data (at the second rate) was
weighted by a factor of 5. The variables of interest are identified in Fig. 3.2 (b). After each rate

change, the specimen was cycled at the base plastic strain rate for at least two cycles to restore the
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base microstructure. Additional details regarding the LCF and plastic strain rate change

experimental setup are described in previous publications [12, 27, 28].
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Fig. 3.2: Representative plots of (a) true plastic strain vs time, and (b) magnified true stress and
true plastic strain responses at the moment of strain rate change. 6; and o, are the true stresses
immediately before and after the rate change, respectively. €; and €, are the true plastic strain

rates.

In the second set of plastic strain rate change experiments, tests were conducted at several values
of true plastic strain (hence also stress) around the stable hysteresis loops at half-life, with intervals
of 10 cycles between each rate change event. In total, 11-16 points on the hysteresis loops were
probed at each plastic strain amplitude, and the test routine was performed twice for each specimen
(except at 0.8% plastic strain amplitude) to verify the consistency in operational activation area
values at a given true stress. At half-life, the stress response curves from previous work [12]
indicate that the microstructural changes are minimal with each cycle as the peak stresses remain
essentially constant over many cycles. Thus, the relationship between operational activation area

and true stress can be used to determine the nature of the dominant obstacles to dislocation motion.
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3.2.3. Microscopic Characterization

Although plastic strain rate change experiments themselves represent an important tool to obtain
information at the level of dislocation interactions that is relevant to the macroscopic mechanical
behavior, microscopic characterization was conducted to provide direct evidence of dislocation
arrangements that further support the observations from thermal activation analysis parameters.
Dislocation structures were investigated in the gage cross section of the untested and tested
specimens, using specimens cut perpendicular to the loading direction, using a Thermo Fisher
Scientific Themis Z scanning transmission electron microscope (STEM) operating at 300 kV and
at a beam convergence of 3.0 mrad. Slices were mechanically thinned and polished followed by
electrolytic polishing using a Struers TenuPol-5 system. The electropolishing media was a 90 vol.
% ethanol and 10 vol. % perchloric acid solution, and the operating parameters were a voltage of

24.6 V, temperature of -10 £ 0.4°C, and current of 52 — 84 mA.

3.3. Results

3.3.1. Thermal Activation Parameters

3.3.1.1. Evolution of Operational Activation Areas from First Cycle to Half-Life

Fig. 3.3 shows the inverse of the operational activation area normalized by the square of the
Burgers vector (b%/Aa”) and plotted as a function of the cumulative plastic strain for tests at the
various plastic strain amplitudes. Cumulative plastic strain is a measure to characterize the global
accumulated deformation during each LCF test and is defined here as four times the plastic strain
amplitude times the number of cycles [29]. The smaller cumulative plastic strain values to half-
life for the PC condition reflect its shorter lifetime at all amplitudes. For all material conditions
and plastic strain amplitudes, the operational activation area Aa” values sharply increase with

increasing cumulative plastic strain during the initial cycles by a total of about 15-30 b?, then
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maintain an approximately constant value until half-life is reached. At a given cumulative plastic
strain, Aa” varies inversely with plastic strain amplitude; it is high at low amplitudes and low at
high amplitudes. Additionally, the magnitudes of Aa” across all tested strain amplitudes are larger

in the AR than in the PC condition, varying between 100-160 b? for AR and 50-100 b? for PC.
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Fig. 3.3: Inverse of the operational activation area normalized by the square of the Burgers
vector (b%/Aa”") as a function of cumulative plastic strain. Squares and circles represent AR and
PC, respectively. Different colors represent different plastic strain amplitudes. The dotted lines

indicate corresponding values of Aa” in units of b?.

3.3.1.2. Operational Activation Areas at Half-Life

The Haasen plot obtained from the plastic strain rate change tests at half-life reveals the
dependence of the operational activation area Aa” on the true stress at a state of dynamic
equilibrium of the microstructure [30] and is shown in Fig. 3.4 (a) and (b) for AR and PC

conditions, respectively. The combined data for all plastic strain amplitudes in the AR condition
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and the individual data for each plastic strain amplitude in the PC condition were fitted with a
linear equation and extrapolated to the intercept with the axes; the fitting parameters are
summarized in Table 3.1. The open symbols represent AR and PC data points that were not used
in the linear fits. Inclusion of these points would lead to a curvature on the Haasen plot that deviates
from the Cottrell-Stokes law. This curvature could be attributed to the presence of an additional
set of thermal obstacles to dislocation glide for which the associated activation areas have a
different dependence on the obstacle density than that of forest dislocations [13, 19]. In this case,
separating the obstacle contributions to the flow stress is very challenging and goes beyond the
scope of this paper. Alternatively, the curvature on the Haasen plot could mean that the
contribution of the thermal and athermal obstacles to the flow stress cannot be added linearly [13,
19]. Last and most likely, it is difficult to resolve the small differences between o, and o, obtained
when probing the hysteresis loops at low values of true stress, making it difficult to determine
whether the curvature on the Haasen plot is meaningful in this stress regime. Therefore, the data
points represented with open symbols are treated as outliers based on their corresponding stress
sensitivity of the strain rate (dln(£,)/dln(c)), which lie outside the range between the 25" and 75™
percentile by a factor of two times the interquartile range. Accordingly, we limit the interpretation
of the data to the range of activation area values that follow the Cottrell-Stokes law and are

represented by a linear dependence on the flow stress.
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Fig. 3.4: Haasen plots for Type 316L in the (a) AR and (b) PC conditions. The data set for each
plastic strain amplitude was fitted with a linear function. Open symbols indicate data points for

the AR and PC conditions that were masked from the linear fit. The data selection for linear

fitting was based on the evaluation of the interquartile range of the strain-rate sensitivity values
for each strain rate change. The dotted lines indicate corresponding values of Aa” in units of b?.

Condition | Agy/2 (%) “\S/Ilggﬁ) (I\(;IaFg;) R-Squared
AR all 1.9x10° | 41 0.807
PC 0.3 3.1x10° | 164 0.929
PC 0.4 3.1x10° | 116 0.882
PC 0.6 2.8x10° | 42 0.950
PC 0.8 26x10° |1 0.923

Table 3.1: Thermal activation parameters obtained from linear fitting of the Haasen plot data.

The Aa” values shown in Fig. 3.4 decrease with increasing stress in both the AR and PC conditions

at all plastic strain amplitudes, varying between 100-300 b? in the former and 60-200 b? in the

latter. In addition, the linear fit of the Haasen plot data extrapolates to a positive stress value for

all material conditions and amplitudes, indicating the presence of a second set of discrete obstacles

to dislocation glide that is less responsive to thermal activation than forest dislocations. The
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intercept on the stress axis, or the athermal stress oy, IS approximately 40 MPa in the AR condition
at all plastic strain amplitudes, as shown in Fig. 3.4 (a). In contrast, the value of o,y Strongly
depends on the plastic strain amplitude in the PC condition, as seen in Fig. 3.4 (b), ranging from

approximately 0 MPa at 0.8% plastic strain amplitude to 165 MPa at 0.3% plastic strain amplitude.

The fitting parameters in Table 3.1 indicate a steeper slope in the PC compared to the AR
condition, suggesting that hydrogen reduces the work of thermal activation for dislocation-

dislocation interactions.

3.3.2 Dislocation Structures at Half-Life

To establish a microstructural baseline for comparisons of the hydrogen effects at different levels
of applied plastic strain, bright field STEM images of the untested AR and PC specimens were
acquired and are shown in Fig. 3.5. The initial strain-hardened microstructures are similar in AR
and PC specimens, containing loose dislocation cell walls, dense dislocation tangles and several

planar structures.
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Fig. 3.5: BF-STEM images showing dislocation arrangements and planar structures in (a, b) AR
and (c, d) PC specimens in the untested condition.
Figs. 3.6 and 3.7 show the microstructures developed after LCF testing at 0.3% and 0.8% plastic
strain amplitudes, respectively, at half-life. In the AR condition, well-defined cells with tight
dislocation walls and open interiors are observed at low (Fig. 3.6 (a)) and high (Fig. 3.7 (a, b))
plastic strain amplitudes. In contrast, well-defined dislocation cells are not present in the PC
condition at the low amplitude regime (Fig. 3.6 (c)). Instead, there are loose cell walls with dense
dislocation interiors and dense dislocation tangles, similar to the configurations inherited from
processing (Fig. 3.5 (¢)). At high plastic strain amplitude (Fig. 3.7(c)), well-defined dislocation
cells are observed in the PC condition, and these are very similar to those observed in the AR

condition. Several planar structures are present on both AR and PC specimens at all amplitudes,
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including the untested condition, as shown in Figs. 3.5-3.7. Although not identified in this work,
these planar features are likely to be predominantly planar slip bands, and some stacking faults
and deformation twins, reported by others to be formed in this material after cold working and

under cyclic loading conditions [31-33].

Fig. 3.6: BF-STEM images showing dislocation arrangements and planar structures in (a, b)
AR and (c, d) PC specimens after LCF testing at 0.3% plastic strain amplitude.
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Fig. 3.7: BF-STEM images showing dislocation arrangements and planar structures in (a, b) AR
and (c, d) PC specimens after LCF testing at 0.8% plastic strain amplitude.

3.4. Discussion

3.4.1. Evolution of Operational Activation Area with Cumulative Plastic Strain

The microstructural development that occurs during cyclic straining is reflected in the changes in
flow stress and operational activation area Aa” as the cumulative plastic strain increases. In both
AR and PC material conditions and at all plastic strain amplitudes, the peak tension stresses
decrease sharply from their strain hardened values during the initial LCF cycles, followed by a
region of reduced softening rate that extends to the end of life [12]. The initial increase in Aa” as

plastic strain accumulates at a given plastic strain amplitude (Fig. 3.3) correlates with the initial
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large softening and is attributed to changes in activation distance (obstacle type) and/or obstacle
spacing (density) [13]. The constant values of Aa”throughout the region of more gradual softening
is consistent with a constant obstacle spacing and type at state of dynamic microstructural
equilibrium [30]. A comparison between the Aa” values in AR and PC 316L stainless steel, shown
in Fig. 3.3, indicates that hydrogen clearly affects the glide resistance by decreasing Aa” at a given
cumulative plastic strain and plastic strain amplitude. Smaller Aa” values in the PC condition are
due to hydrogen influencing the activation distance and/or obstacle distribution. However, the
changing nature of the microstructure at this stage of the lifetime does not allow for separation of

these variables.

It is worth noting that, in complex alloys such as strain-hardened 316L stainless steel, multiple
deformation mechanisms are likely to operate simultaneously, and distinguishing their
contributions to the total Aa” while the microstructure is evolving is very challenging, especially
since the different mechanisms can have similar activations areas. The Aa" values from 50 to 160
b? across different plastic strain amplitudes in both material conditions reveals that interactions of
mobile dislocations with solute atoms are important for thermally activated glide in this material
with and without hydrogen during cyclic deformation. This is an expected contribution since
annealed stainless steels are primarily strengthened by solute atoms [34]. Kaschner and Gibeling
[35] performed plastic strain rate change experiments during LCF tests in annealed 304 stainless
steel and reported an increase in Aa” from 90 b? to 130 b? as the material was cycled to saturation,
which was associated with solute-controlled dislocation glide. Type 316L stainless steel is an alloy
with low stacking fault energy, known to deform by planar slip at low plastic strain levels and
transition to wavy slip at higher cumulative plastic strains [36-38]. The presence of well-defined

dislocation cell structures in AR and PC at half-life, as shown in Figs. 3.6 (a) and 3.7 (a-c), implies
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that cross slip is an important process for microstructural development in 316L, and its associated
glide resistance is likely a contribution to the total Aa” values during the first half of the lifetime.
Finally, Fig. 3.5 shows that dense dislocation arrangements were introduced to this steel during
processing, making forest dislocations a significant contribution to the total Aa”. The linearity of
the Hassen plot supports this concept that dislocation-dislocation interactions are important in

controlling the rate of cyclic deformation for both the AR and PC conditions.

3.4.2. Haasen Plot Analysis

At half-life, the microstructure is assumed to be in a state of dynamic equilibrium as described by
Essmann and Mughrabi [30], which is consistent with the quasi-steady state of the flow stresses
observed by Oliveira, et al. [12] in the 316L cyclic stress response curves. Consequently, the
dependence of flow stress and operational activation area on the obstacle density is isolated at this
stage of life and the Haasen plot analysis can be employed to determine the nature of the obstacles

controlling the kinetics of dislocation glide [13, 19].

As mentioned in section 3.3.1.2, the analysis of the intercepts in Fig. 3.4 indicates the presence of
at least two sets of obstacles influencing the dislocation kinetics in both AR and PC 316L stainless
steel. The thermal, or discrete short-range obstacles, are characterized by operational activation
areas Aa" and activation work. The athermal, or long-range obstacles, are characterized by
athermal stresses o4. Discussions regarding these obstacles and associated dislocation interactions

in the AR and PC conditions are presented in the sections below.

3.4.2.1. Thermal Obstacles to Dislocation Glide
The Haasen plots for the AR and PC conditions in Fig. 3.4 show the linear relationship between

the inverse of the operational activation area normalized by the magnitude of the Burgers vector
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b%/Aa” and the true stress expected from the dependence on the spacing between dislocations [13,
19]. In other words, as strain hardening takes place within the stable hysteresis loops, the reduction

in Aa” reflects the changes in dislocation spacing.

The plastic strain rate change analysis of Kaschner and Gibeling [35] in annealed 304 stainless
steel resulted in Aa” of 300 b? for dislocation-solute interactions. Sills, Foster and Zhou [39]
numerically estimated approximately 90 b? for solid solute strengthening in 304L stainless steel.
The magnitudes of Aa” obtained at half-life for AR 316L across all tested amplitudes (100-300 b?),
in addition to the STEM image of the AR microstructures, suggest that the kinetics of glide in this
material condition are influenced by dislocation interactions with solutes and forest dislocations
on the slip plane and by cross slip. Their individual contributions to the total Aa” are similar in
magnitude and sum inversely [19]. That is, the value of Aa” alone cannot be used to unequivocally
identify a single mechanism that is rate controlling. The intercept analysis of the Haasen plots
shown in Fig. 3.4 reveals that dislocation-dislocation interactions (forest dislocations) control the
rate of dislocation glide in cyclic deformation and the rate sensitivity in this strain-hardened alloy
at all plastic strain amplitudes. This result implies that the Aa” for overcoming forest dislocations

is smaller than that associated with the other thermal obstacles in this material.

Similar to the AR condition, the range of Aa” at half-life in the PC 316L stainless steel (60-200 b?)
indicates that the thermal obstacles influencing dislocation glide kinetics at all plastic strain
amplitudes are likely solute atoms and forest dislocations, with the latter being more rate sensitive
than the former. However, the STEM micrographs showing cell formation (Fig. 3.7 (c)) suggest
that cross slip is operative in the PC condition only at high plastic strain amplitudes. At a strain
amplitude of 0.3% and at 400 MPa, for example, the presence of hydrogen decreases Aa” by 13%

compared to the non-charged condition. At 0.8% strain amplitude and at the same stress level, Aa”
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is reduced by 32%. Although there may be differences in Aa” due to changes in forest dislocation
spacing induced by the presence of hydrogen, the added contribution of cross slip to the total Aa”
at high plastic strain amplitude would explain the further reduction in Aa” when compared to the
value in the low strain amplitude regime, hence the dependence of Aa” on plastic strain amplitude

when hydrogen is present.

Assuming that the only contribution to Aa” among the three identified mechanisms that varies with
stress at a given plastic strain amplitude and microstructure arises from dislocation-dislocation
interactions, the ratio of changes in Aa” in the PC to the AR condition over a fixed stress interval
could be used to estimate the effect of hydrogen on the obstacle spacing. For instance, at 0.3%
plastic strain amplitude, Aa" changes by 45 b? in the AR condition and by 60 b? in the PC condition
over the stress range between 350 MPa to 450 MPa, resulting in a PC:AR ratio of 1.3. At 0.8%
strain amplitude and considering the same stress interval, these values are 40 b? and 25 b? in the
AR and PC material conditions, respectively, and the PC:AR ratio is 0.6. The observation that the
PC:AR ratio at a given strain amplitude is different than one means that hydrogen affects the forest
dislocation spacing in this stainless steel. Furthermore, if hydrogen only affected the (obstacle)
spacing, the ratios between changes in Aa” in the PC and in the AR conditions should be similar at
the two strain amplitudes. The fact that this is not the case means that hydrogen affects the

activation distance (Ay) in this material as well.

Sirois and Birnbaum [22] measured operational activation areas during stress relaxation tests in
pure Ni and Ni-C alloys after cathodic hydrogen charging. For a stress range between 50 and 250
MPa, they reported a decrease in Aa” by 35-50% in presence of hydrogen in both materials. Wang,
et al. [25] conducted similar experiments in pure iron, Fe-8Cr alloy and F82 steel and observed a

significant decrease in Aa” as the cathodic current density (hence hydrogen concentration)
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increased. In pure Fe, for example, the Aa” values changed from 270 b? in the non-charged
condition to 30 b? in the hydrogen charged condition. Additional results led Birnbaum and Sofronis
[23] to propose that, under temperature and strain rate conditions that allow for hydrogen
atmospheres to form and to move with dislocations, hydrogen reduces the interaction energy
between mobile dislocations and other short-range elastic obstacles. As a consequence, a decrease
in spacing between dislocations in a pileup in the presence of hydrogen was experimentally
observed in 310S stainless steel by Ferreira, et al. [24] and numerically simulated in 316L stainless
steel by Chateau, et al. [40]. Tien, et al. [41] investigated hydrogen transport through dislocations
in a solute atmosphere arrangement; they used a kinetic model to estimate the critical strain rate
for a dislocation to break away from its hydrogen atmosphere at room temperature. Based on an
interaction distance of 30 b (long-range motion), dislocation density of 1x10° cm2 and diffusivity
of 1x10%° cm?s?, the critical strain rate for stainless steels is about 1x10* s, implying that
hydrogen is likely to move with mobile dislocations during most laboratory testing conditions [41].
These observations support an understanding that the decrease in Aa” observed in the present study
for the PC compared to AR conditions at a given cumulative plastic strain and strain amplitude is
consistent with hydrogen reducing the stress field of dislocations, affecting the activation (or
interaction) distances and decreasing the spacing between dislocation obstacles. The influence of
hydrogen is also reflected in the slopes of the Haasen plots (Fig. 3.4). The steeper slope in the PC
condition compared to that in the AR condition indicates that hydrogen decreases the work for
thermal activation by changing both the obstacle spacing and the activation distance and enhances

the rate sensitivity of this material [13].
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3.4.2.2. Athermal Obstacles to Dislocation Glide

The intercept analysis of the Haasen plots in Fig. 3.4 reveals the presence of long-range obstacles
to dislocation glide that are less rate sensitive (more athermal) than forest dislocations in both AR
and PC conditions of 316L stainless steel. Based on the microstructural features observed in these
material conditions prior to (Fig. 3.5) and after cyclic deformation (Figs. 3.6-3.7) and on the
Bauschinger analysis reported by Oliveira, et al. [12], these athermal obstacles are likely to be

dislocation cell walls and dense dislocation tangles.

In the AR condition, well-defined dislocation cells are observed at all plastic strain amplitudes, as
shown in Figs. 3.6 (a) and 7 (a, b). Dislocation cells represent heterogeneous deformation
structures known to be source of intragranular (local) back stresses [31]. These back stresses,
which are a highly directional type of athermal stresses, develop from dislocation segments bowed
from the cell walls [42]. In the PC condition, well-defined dislocation cells only develop at high
plastic strain amplitudes (Fig. 3.7 (c)), where the large plastic strain levels are sufficient to trigger
cross slip. As a result, the o,y Values for the PC condition shown in Table 3.1 at plastic strain
amplitudes of 0.6% and 0.8% approach the values for the AR condition, reflecting the
microstructural similarities between the two conditions. In contrast, o4, for AR and PC differ
significantly at low plastic strain amplitudes, consistent with the different microstructures
developed at half-life in both material conditions and shown in Fig. 3.6. The stress field associated
with the dense dislocation tangles inside the open areas of the (loose) cell structures in the PC
condition at this strain amplitude represent an athermal barrier to dislocation glide that is too large
for thermal activation. Therefore, the o, Values obtained for the AR and PC material conditions
at different plastic strain amplitudes, combined with STEM observations of the microstructures in

a state of dynamic microstructural equilibrium at half-life, clearly show that hydrogen affects the
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microstructural development during low cycle fatigue of 316L stainless steel in addition to

influencing the dislocation glide kinetics.

3.5. Summary

Plastic strain rate change experiments were conducted during plastic strain-controlled LCF tests
in strain-hardened 316L austenitic stainless steel specimens with (PC) and without (AR) hydrogen.
In addition to probing the evolution of the operational activation area with cumulative plastic
strain, the analysis of the Haasen plots at a microstructural state of dynamic equilibrium provided
information about the nature of the dislocation interactions that control the dislocation glide

kinetics. The main observations are summarized below:

1. STEM images show the presence of loose dislocation cell walls, dense regions of
dislocation tangles and several planar features in the untested (strain-hardened) AR and PC
conditions. Dislocation cells with well-defined walls and open interiors are observed at
half-life in the AR condition after testing at low (0.3%) and high (0.8%) plastic strain
amplitudes. In contrast, the presence of hydrogen decreases the propensity for cross slip in
the low strain amplitude regime, and well-defined cellular structures develop in the PC
condition only at high (0.8%) plastic strain amplitudes.

2. The evolution of the operational activation area Aa” with cumulative plastic strain and the
ranges of Aa” in AR and PC specimens suggest that solute atoms, forest dislocations and
cross slip represent thermal obstacles to dislocation glide in the dynamic microstructure.
Furthermore, hydrogen decreases the magnitude of Aa” at a given cumulative plastic strain
at all plastic strain amplitudes.

3. At a state of dynamic microstructural equilibrium (half-life), the same thermal obstacles
are likely to influence the kinetics of dislocation glide in the AR and PC conditions.
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However, cross slip only contributes to the deformation of PC specimens at high plastic
strain amplitudes when dislocation cell structures are observed. Additionally, the Haasen
plot analysis indicates that dislocation-dislocation interactions control the rate of
dislocation glide and the rate sensitivity in both AR and PC conditions.

. Hydrogen affects the glide resistance in 316L stainless steel by decreasing the Aa” values
at a given true stress and at all plastic strain amplitudes. This reduction in Aa” is associated
with hydrogen decreasing the obstacle (dislocation) spacing and the activation (or
interaction) distance. These effects are reflected in steeper slopes in the Haasen plot for the
PC condition when compared to that in the AR condition, indicating that hydrogen also
enhances the rate sensitivity of this alloy.

. The Haasen plots reveal the presence of athermal obstacles to dislocation glide in both AR
and PC material conditions, likely to be dislocation cell walls for the AR condition at all
plastic strain amplitudes and for the PC condition at high strain amplitude where the
athermal stress values are similar, and dense dislocation tangles in the PC condition at low
plastic strain amplitude. The influence of hydrogen on the microstructural development
leads to different values of athermal stress cam at low and high plastic strain amplitudes in

the PC condition.
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Chapter 4. Influence of Hydrogen on the Low Cycle Fatigue Behavior of the Equiatomic

CrMnFeCoNi High Entropy Alloy?

Abstract

True plastic strain-controlled low cycle fatigue (LCF) tests were performed on the CrMnFeCoNi
high-entropy alloy in the non-charged and hydrogen-precharged (H-precharged) conditions.
Internal hydrogen increases the cyclic strength of this alloy at all plastic strain amplitudes by
enhancing the effective component of the flow stresses. These effective stresses are greater than
back stresses for all tested conditions. Furthermore, the evolution of back stresses during LCF
testing at different strain amplitudes is not influenced by the presence of hydrogen, suggesting that
the dislocation structures are similar in non-charged and H-precharged conditions. Primary fatigue
crack(s) initiate earlier in the H-precharged than in the non-charged condition, and the presence of
hydrogen severely reduces the LCF lifetime of this alloy. Fracture surface observations reveal that,
although plastic deformation processes are active in the H-precharged condition, hydrogen leads

to intergranular failure in the CrMnFeCoNi alloy.

Keywords: Low Cycle Fatigue; Hydrogen; High Entropy Alloy; Bauschinger Stresses;
Intergranular Failure.
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4.1. Introduction

High entropy alloys (HEAS) represent a new design concept for metallic materials where
compositions toward the center of the phase diagrams are explored for potentially improved
properties [1-3]. One of the most extensively studied HEA compositions is the equimolar
CrMnFeCoNi alloy, also known as the Cantor alloy [4]. It has been shown to possess excellent
damage tolerance at low temperature [5-8], while retaining good tensile strength and ductility at
room temperature [7]. In addition, several studies of fatigue crack growth [9, 10], high cycle
fatigue [11, 12] and low cycle fatigue [13-16] in the Cantor alloy at room temperature have
suggested superior fatigue performance compared to that of conventional austenitic stainless
steels. This good combination of tensile and fatigue properties has increased interest in
investigating the performance of this alloy in extreme environments, such as in the presence of

hydrogen for energy-related applications.

Luo, Li and Raabe [17] reported the tensile deformation behavior of the CrMnFeCoNi alloy after
electrochemical charging to hydrogen concentrations between 8 and 33 wt. ppm. They observed
that hydrogen led to an increase in strength and ductility in this material at all hydrogen
concentrations due to an increase in propensity for nanotwin formation. They also noted that the
improved ductility in the presence of hydrogen is unique to the Cantor alloy when compared to
other conventional alloys, such as Inconel 718 and 310 stainless steel, with similar or lower
hydrogen concentrations. Zhao, et al. [18] conducted gaseous and electrochemical hydrogen
charging followed by nanoindentation and tensile testing of CrMnFeCoNi alloys with hydrogen
concentrations of 76.5 wt. ppm and 45 wt. ppm, respectively. A very small reduction in ductility
(~5%) in the gaseous charged condition compared to the non-charged condition was observed,

with no significant change in strength. In contrast, absorbed hydrogen substantially increased the

73



hardness and decreased the plasticity in electrochemically charged specimens when compared to
the non-charged condition. The authors [18] ascribed these differences to the different hydrogen
distributions (gradients from the surface to the interior) produced by the two charging methods
and their influence on the activation of hydrogen-induced changes in plasticity mechanisms. Zhou,
Tehranchi and Curtin [19] performed theoretical predictions of the ductile-to-brittle transition in
different families of stainless steels and HEAs as a function of hydrogen concentrations, based on
the idea that hydrogen induces changes in dislocation emission and blunting processes at crack
tips. These authors showed that the CrMnFeCoNi alloy is less susceptible to hydrogen
embrittlement than 304 austenitic stainless steel but more than 316L, indicating that the
compositional complexity of HEAs does not necessarily result in superior performance in
hydrogen environments compared to austenitic stainless steels. Instead, the embrittlement
phenomenon is more closely related to the hydrogen concentration and distribution in the material.
In fact, other papers have reported a severe decrease in ductility and brittle failure in the

CrMnFeCoNi alloy under tensile experiments with higher hydrogen concentrations [20-23].

The studies mentioned above reveal some conflicting results and suggest that further research is
necessary to understand the effect(s) of hydrogen on the mechanical behavior of the Cantor alloy
at different hydrogen concentrations and testing conditions. Although hydrogen energy systems
are often subjected to repeated pressurization and depressurization cycles, there are limited studies
of the fatigue (crack growth) behavior of this material in the presence of hydrogen [24], and none
under strain-controlled low cycle fatigue (LCF) testing conditions. Because plastic strain is known
to correlate with damage accumulation and failure under cyclic loading [25], strain-controlled LCF

tests would help elucidate the influence of hydrogen on these processes. Therefore, the goal of the
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current study is to explore the fatigue deformation and failure of the CrMnFeCoNi alloy, with and

without internal hydrogen, measured through true plastic strain-controlled LCF tests.

4.2. Materials and Methods

The CrMnFeCoNi alloy investigated in this work was arc melted, drop cast and homogenized in
vacuum at 1473 K for 24h, using procedures roughly similar to those described by Otto, et al. [7].
After homogenization, the 25.4 mm diameter x 127 mm long cylindrical ingots were inserted into
tight-fitting holes drilled in stainless steel cans, their back faces welded shut with stainless steel
plates, and the combination extruded at 1273 K at an (area) extrusion ratio of 9:1, resulting in an
extrusion ratio for the CrMnFeCoNi alloy in the range of 6:1 to 7:1. Cylindrical LCF specimens
with 3.2 mm of gage diameter and 10.2 mm of gage length were machined from the extruded rod
using a CNC lathe, following the design specified by the ASTM E606 standard [26]. The gage
sections were mechanically ground using SiC paper, then diamond compound was used for fine
polishing down to 0.25 um. Each polishing step started along the circumferential direction, and
the resulting marks on the surface were eliminated by repeating the same grade of SiC or diamond
along the longitudinal direction. The polished specimens were vacuum annealed at 1173 K for 1h,
followed by furnace cooling. The resulting microstructure is shown in Fig. 4.1 and consists of
recrystallized equiaxed grains with an average grain size of 31 um and a relatively high density of
annealing twins. Additionally, a low concentration of Cr and Mn-rich particles (black spots in
Fig. 4.1) approximately 4 pum in diameter was identified using energy dispersive Xx-ray

spectroscopy (EDS).
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Fig. 4.1: Backscattered electron micrograph of the initial grain morphology obtained after
recrystallization. The grain size distribution is shown inset.

Hydrogen-precharging of annealed CrMnFeCoNi specimens was conducted in a chamber
containing gaseous hydrogen at a pressure of 138 MPa and at a temperature of 573 K for 13 days.
The final concentration of hydrogen in the precharged (H-precharged) specimens was 87 wt. ppm,
measured through inert gas fusion-infrared absorbance. The non-charged and H-precharged
specimens are referred to here as HEA and H-HEA, respectively. While other studies suggest that
this alloy is able to accommaodate a higher concentration of hydrogen than conventional austenitic
stainless steels [18, 21], the opposite was found here. The hydrogen concentration in strain-
hardened 316L stainless steel after gaseous charging at the same thermal environment as described
above was 155 wt. ppm [25], almost twice the value measured in the CrMnFeCoNi alloy. This

difference may be due to the different initial dislocation densities of these two materials.

True plastic strain-controlled LCF tests were conducted under fully reversed mode (ratio of
minimum to maximum plastic strain R = -1) on an MTS 810 servo-hydraulic testing machine

running MTS TestStar and Testware-SX software codes adapted from Walley, et al. [27]. The
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control variable, true plastic strain (ep), was calculated in real time (Eq. (4.1)) using the measured
load (L), the total strain (e;) determined from an extensometer attached to the specimen, the initial

cross sectional area (A,) and the elastic modulus (E).

&p = In(1+e)—(1+e) x

L
AgxE

Eq. (4.1)

The LCF tests were performed at room temperature and at a constant plastic strain rate of 1x10
s1, probing plastic strain amplitudes of 0.3, 0.4, 0.6 and 0.8%. To increase statistical significance,
two tests were conducted at each plastic strain amplitude. Failure was defined here as the number
of cycles necessary to fracture the specimens or to induce a 20% drop in peak tension stress
compared to peak compression stress, whichever was reached first. More details on the LCF test
configuration are reported elsewhere [25]. The collected stress-plastic strain data were used to
calculate the Bauschinger stresses considering the reverse yield strength as the stress at a true
plastic strain offset of 0.1%. In addition, the changes in the slope of the tensile elastic unloading
throughout the test were used to estimate the fatigue crack initiation lifetime. Details on these
procedures are also reported elsewhere [25]. To evaluate the effect of hydrogen on the crack path
and fracture mode, fracture surfaces were characterized using a Thermo Fisher Quattro S scanning
electron microscope (SEM) operating at an accelerating voltage of 10-15 kV in the secondary

electron imaging mode.

4.3. Results and Discussion

Fig. 4.2 shows representative hysteresis loops obtained for the alloy with and without hydrogen
(H-HEA and HEA, respectively) at plastic strain amplitudes of (a) 0.3% and (b) 0.8% during the
first cycle. These loops illustrate typical changes in stress as the plastic strain increases within a

cycle. For the HEA alloy, loops are well formed and symmetric along the plastic strain axis at all
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plastic strain amplitudes. In contrast, the stress-strain response in H-HEA is characterized by
serrated flow during the initial cycle. This effect is especially dramatic under plastic strain control
as the machine attempts to maintain the constant true plastic strain rate in the presence of rapid
changes in load (as represented in Eq. (4.1)). Serrated flow is often observed in ranges of
temperature and strain rate in which mobile dislocations are pinned by solute atoms [28]. When
the dislocations break away, the solute mobilities are high enough to allow them to catch up with
and re-pin the dislocations, suggesting that this serrated behavior likely arises from periodic
dislocation pinning by hydrogen atoms in the H-HEA condition. Serrated flow was present at all
plastic strain amplitudes in the forward and reverse direction, although less severe at 0.8% (Fig.
4.2 (b)) due to the larger driving forces for dislocation motion at this amplitude. Furthermore, the
serrations disappeared after the first cycle, as shown in the hysteresis loops for the third cycle in
Fig. 4.2 (c-d), and this change is most likely a consequence of an increase in dislocation density
as the material hardens during the early stages of cyclic deformation (i.e., the available solutes are

insufficient to pin all the mobile dislocations).
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Fig. 4.2: True stress-true strain hysteresis loops for the HEA and H-HEA material conditions at
the (a, b) first and (c, d) third cycles obtained during LCF tests at (a, ¢) 0.3% and (b, d) 0.8%

plastic strain amplitudes.

Fig. 4.3 (a) shows the cyclic tension stress response curves for the HEA and H-HEA specimens
tested at plastic strain amplitudes between 0.3% and 0.8%. For both material conditions, there is
an initial hardening during the first cycles, commonly attributed to dislocation multiplication
events in the annealed microstructure [29]. After reaching a peak value of cyclic stress, softening
takes place in both the HEA and H-HEA, followed by a region of stress saturation in the HEA.

The softening and saturation stages encompass most of the lifetimes for both conditions. It is clear
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that hydrogen increases the strength of this alloy at all plastic strain amplitudes; peak stresses are

10-20% larger in H-HEA compared to HEA specimens.

500 ——rrrrrr——rrrrey e 450 . . . '
/\ H-HEA | HEA §yoﬂbﬂ‘ﬁvj_
o W Ay2=08% 2 a8 ]
450 L K * ° A5 2=06% | ] 400 Sum;m.
o m Ae/2=04% O Effective Stress
'."“[\l o W A2=03% 350 L (2 BeckStess | ]
’8 i . o oF i = 2 O 25/2=08%
%400 g %300 - o) " S et i G| B
Basof et 1 82s0p° -
g o
n n
é stk ] E 200 (5" .
s 150 | ]
250 - -
100 ] - 7
(a) (b)
200 " sl i sl i sl PR aaal b tiabi i 50 1 1 1 1
1 10 100 1000 10000 100000 1 10 100 1000 10000 100000
Cumulative Plastic Strain (%) Cumulative Plastic Strain (%)

Fig. 4.3: (a) Cyclic tension stress response curves and (b) Bauschinger stresses as a function of
cumulative plastic strain for the HEA (squares) and H-HEA (circles) conditions. Different colors
represent different plastic strain amplitudes. Only one test for each condition is shown for clarity.

The effective and back stress components of the peak tension stresses were determined as a
function of cumulative plastic strain for both the H-precharged and non-charged material
conditions. Fig. 4.3 (b) shows that the effective stresses are greater than the back stresses in both
material conditions and at all strain amplitudes. This result differs from that reported by Lu, et al.
[30] at similar plastic strain amplitudes, most likely due to difference in testing mode (total strain
vs plastic strain control), which may influence the evolution of these quantities as well as
determination of reverse yield strength, and slight differences in grain sizes, which influence yield
strength. The high values of peak stresses observed in both material conditions at high strain
amplitudes are attributed primarily to the increase in back stresses with plastic strain amplitude,
consistent with findings of Lu, et al. [30] for total strain-controlled tests. However, there are no

differences in back stresses between the HEA and H-HEA conditions at a given plastic strain
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amplitude, implying that hydrogen does not affect the microstructure that develops during the

course of the test.

In addition, this analysis suggests that the hydrogen-induced strengthening (Fig. 4.3 (a)) is
represented by the increasing magnitude of the effective component of the flow stress in H-HEA.
In other words, hydrogen introduces short-range interactions between dislocations and solutes,
which provides additional glide resistance reflected in the effective stresses. The difference in
effective stresses between HEA and H-HEA at different plastic strain amplitudes remains
approximately constant at about 50 MPa as illustrated in Fig. 4.3 (b), implying that the effect of
hydrogen on the evolution of the effective stresses is independent of the plastic strain amplitude

and the contribution of hydrogen to strengthening is the same for all plastic strain amplitudes.

Shams, et al. [14] conducted total strain-controlled LCF tests in the CrMnFeCoNi alloy and
characterized the deformation structures developed at different stages of the lifetime under a plastic
strain amplitude of 0.7%. The authors observed stacking faults and traces of planar slip in this
alloy during the early stage of cyclic deformation. As the tests progressed, dislocation cells and
mechanical twins evolved in the microstructure. Lu, et al. [13] reported the presence of well-
developed substructures in the CrMnFeCoNi alloy after LCF testing at a total strain amplitude of
0.7%, such as dislocation walls, veins and labyrinths. At a strain amplitude of 0.3%, planar slip
bands were the predominant deformation structures observed after failure in this material [13].
Based on these reported fatigue microstructures and recognizing that the back stresses characterize
the evolution of the dislocation microstructure, the back stresses measured in the present study
reflect well-defined dislocation walls and cell structures that develop similarly with and without

internal hydrogen.
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Despite strengthening the CrMnFeCoNi alloy, hydrogen severely degrades its LCF lifetime at all
plastic strain amplitudes, as observed from the strain-life plots for the HEA and H-HEA specimens
shown in Fig. 4. On average, the presence of hydrogen decreases the number of cycles to failure
by factors of approximately 5 and 15 at plastic strain amplitudes of 0.3% and 0.8%, respectively.
The strain-life data were fitted to a power law in the form of the Coffin-Manson equation [31, 32]

shown in Eqg. (4.2) and represented by the dashed lines in Fig. 4.4.

The values of the fatigue ductility coefficient (¢¢) and fatigue ductility exponent (c) for each

material condition are also given in Fig. 4.4 near the respective data. The fitting parameters
obtained in this study for the CrMnFeCoNi alloy are consistent with those reported by Shams, et

al. [14]. Since & is often approximately equal to the monotonic true fracture ductility [29], these

strain-life data suggest that the monotonic tensile ductility of the H-precharged alloy is greatly
reduced when compared to that of its non-charged counterpart. This observation is consistent with
the results of the tensile behavior of H-precharged CrMnFeCoNi alloy showing a reduction in
monotonic strain to failure of 35-60% when similar or larger hydrogen concentrations are added
[20-23]. In contrast, lower concentrations of hydrogen have led to a very small decrease (~ 5%) or
even a slight increase (~1% to 6%) in ductility in the CrMnFeCoNi alloy when compared to the
non-charged condition [17, 18]. Fig. 4.4 also shows estimations of fatigue crack initiation lifetime
based on changes in the elastic unloading slope throughout the LCF test [25]. On average across
the tested plastic strain amplitudes, crack initiation takes approximately 93% and 73% of total
lifetime in HEA and H-HEA, respectively. This result indicates that primary fatigue cracks are

initiated much earlier in presence of internal hydrogen, consistent with the loss of ductility in the
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H-HEA condition affecting its ability to accommodate plastic deformation. Furthermore, although
the fraction of lifetime corresponding to crack growth to failure is larger in the H-HEA condition,
the absolute number of cycles is still much smaller than in the HEA material. Finally, we note that
the different slopes of the fatigue life plots (Fig. 4.4) suggest that the data may converge at low
plastic strain amplitudes; in other words, if the trend continues, internal hydrogen may have little

effect in the high cycle regime.
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Fig. 4.4: Strain-life plots containing initiation (open symbols) and total (filled symbols) lifetime
data for HEA and H-HEA material conditions.
SEM characterization of the fracture surfaces was conducted to probe the changes in fracture mode
and crack path induced by the presence of internal hydrogen; these surfaces are depicted in Fig.
4.5. In the HEA specimens, fracture was mainly transgranular and fatigue striations can be seen in

the crack propagation area at both (a) 0.3% and (b) 0.8% plastic strain amplitudes, which are
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characteristic of fatigue crack growth in ductile materials [29, 33]. On the other hand, the failure
mode in the H-HEA condition at both (c) 0.3% and (d) 0.8% plastic strain amplitudes transitions
to intergranular, as commonly observed in brittle solids [29, 33]. This is a clear indication that
hydrogen severely embrittles the CrMnFeCoNi alloy under the current fatigue testing conditions
and hydrogen concentration. Despite the brittle fracture features, Fig. 4.5 shows fine slip traces on
the grain boundary surfaces of H-HEA after LCF testing at (e) 0.3 and (f) 0.8% plastic strain
amplitudes, demonstrating that cyclic plastic deformation is active in the presence of hydrogen,

presumably by dislocation glide on primary slip systems.

Bertsch et al. [21] systematically investigated the influence of hydrogen on the microstructural
development in the CrMnFeCoNi alloy during slow strain rate tensile tests and the relationship
between plasticity-mediated processes and intergranular failure observed in the H-precharged
condition. Electron backscattered diffraction (EBSD) orientation maps revealed large orientation
deviations in the center of the grains and along grain boundaries in the H-precharged specimens.
In contrast, more uniform orientation deviations were found inside the grains in the non-charged
condition. Combining these results with scanning transmission electron microscopy (STEM)
observations of deformation structures formed underneath the fracture surfaces, the authors
concluded that hydrogen limits the ability of the CrMnFeCoNi alloy to accommodate plastic
deformation, leading to strain incompatibilities across the grain boundaries. Hydrogen-enhanced
accumulation of strain at grain boundaries provides an explanation for the intergranular fracture
mode observed in H-HEA in the present study and shown in Fig. 4.5 (c-f). The importance of
plasticity in the hydrogen-enhanced intergranular fracture process is supported by the slip traces

observed on grain boundary surfaces as shown in Fig. 4.5 (e-f).
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Fig. 4.5: SEM micrographs of the fracture surfaces in (a, b) HEA and (c-f) H-HEA after LCF
testing at (a, ¢, €) 0.3 % and (b, d, f) 0.8% plastic strain amplitudes.

4.4. Summary
In summary, the fatigue behavior of the CrMnFeCoNi high entropy alloy in the H-precharged and

non-charged conditions was investigated through true plastic strain-controlled LCF tests at plastic
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strain amplitudes between 0.3% and 0.8%. Serrated flow was observed in the presence of internal
hydrogen in the first cycle, likely due to hydrogen pinning the mobile dislocations. Internal
hydrogen increases the cyclic strength of the CrMnFeCoNi alloy at all plastic strain amplitudes.
This strengthening is attributed to greater effective stresses in the H-precharged condition
compared to the non-charged condition, suggesting that dislocation glide in this alloy is affected
by hydrogen. In addition, back stresses are similar in both material conditions for each tested
amplitude, implying that hydrogen does not alter microstructural development in the CrMnFeCoNi
alloy. Hydrogen accelerates the formation of a primary crack(s) and severely decreases the LCF
resistance of this alloy under the current testing conditions and hydrogen concentration.
Furthermore, hydrogen leads to a transition from ductile fatigue crack growth to more brittle,
plasticity-mediated intergranular fracture in the material. The observation of intergranular cracks
and slip traces on exposed grain boundaries in the H-precharged condition is consistent with the

view that hydrogen enhances strain incompatibility between neighboring grains.
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Chapter 5. The Kinetics of Dislocation Glide During Low Cycle Fatigue of the Equiatomic

CrMnFeCoNi High Entropy Alloy*

Abstract

Plastic strain rate change experiments are used to assess thermal activation parameters that
describe the length scale of dislocation interactions on the glide plane during low cycle fatigue
(LCF) tests in an annealed CrMnFeCoNi alloy. An initial evaluation of the hysteresis loops
obtained from conventional LCF tests at plastic strain amplitudes from 0.3% to 0.6% reveals a
yield point in the first cycle at all amplitudes. In addition, unusually low work hardening rates are
observed during the initial cycles in this alloy. Operational activation areas are calculated using
the theory of thermally activated dislocation glide at both the evolving and the dynamic
equilibrium microstructural states. Changes in operational activation area during the initial cycles
(250 b? to 170 b? across all plastic strain amplitudes) reflect the dynamic nature of the
microstructure, and the magnitudes are consistent with dislocation glide controlled by forest
dislocations and the solution-strengthened matrix. Additionally, Haasen plots are used to
differentiate the contributions of these rate-controlling obstacles to the total operational activation
area at the microstructural state of dynamic equilibrium. Dislocation interactions with the solid
solution matrix are characterized by an activation area of 285 b2 For forest dislocations, the
activation area varies inversely with stress, reaching a finite value 365 b? at an offset flow stress
of 150 MPa. Although cross slip contributes to microstructural development during cyclic

deformation, it does not control the dislocation glide kinetics in the CrMnFeCoNi alloy, meaning

% To be submitted as D. M. Oliveira, E. P. George, and J. C. Gibeling. Acta Mater. (2023).
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that the types of obstacles controlling cyclic deformation in this complex alloy are the same as

those observed in conventional solution strengthened alloys under similar deformation conditions.

Keywords: Low Cycle Fatigue; Plastic Strain Rate Change; High Entropy Alloy; Activation

Area; Thermally Activated Dislocation Glide.
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5.1. Introduction

The CrMnFeCoNi alloy, also known as the Cantor alloy [1], is one of the most extensively studied
compositions of face-centered cubic high entropy alloys (HEAS) both because it was one of the
first such alloy compositions to be developed and due to its favorable mechanical behavior when
compared to that of conventional alloys, such as austenitic stainless steels, especially at cryogenic
temperatures [2-5]. Despite the number of studies describing its monotonic behavior as
summarized recently by George, et al. [6] and Li, et al. [7], there are still relatively few reported
studies of the performance of high entropy alloys, particularly the Cantor alloy, under cyclic
loading. Since structural applications often require adequate fatigue resistance, there remains a

need to further explore this important area.

Among the different approaches to analyzing fatigue behavior and determining fatigue lifetime,
the strain-based approach provides a unique insight into the processes of damage accumulation
that lead to crack nucleation in applications where stresses exceed the yield strength of the material
at least locally [8, 9]. Interest in exploring the strain-controlled low cycle fatigue (LCF) behavior
of the CrMnFeCoNi alloy and its derivatives has been increasing in the last few years [10-21].
Wang, et al. [10] characterized the LCF cracking behavior of this alloy with different grain sizes.
They observed a transition from slip band cracking to twin band cracking when the difference in
Schmid factors between the matrix and the twin increased, with the grain size influencing the
critical difference required for this transition. Shams, et al. [12] compared the evolution of cyclic
stresses and the lifetime of the CrMnFeCoNi alloy with that in conventional alloys. While they
found that the CrMnFeCoNi alloy is more LCF resistant than 304 stainless steels, it failed in a
fewer number of cycles than TWIP steels. The authors attributed these differences in fatigue

performance to the deformation structures formed in each material after cyclic straining. Picak, et
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al. [11] focused on microstructural evolution in ultrafine grained CrMnFeCoNi alloy obtained by
a severe plastic deformation method. The low and high angle grain boundaries formed after
processing enhanced the cyclic strength compared to that of the coarse-grained counterpart,
leading to improved LCF resistance at low strain amplitudes. Luo, et al. [13] investigated the effect
of the grain size on the cyclic stress response and microstructural development at high total strain
amplitude (£ 1%). While deformation twins were observed in both coarse- and fine-grained
CrMnFeCoNi alloy, dislocation substructures were reported to form in the latter condition and to
induce a secondary hardening behavior near the end of the LCF lifetime. According to the authors,
the twinning-dominated deformation mode was beneficial for the LCF lifetime in the coarse-
grained condition in the high strain amplitude regime. Lu, et al. [14-17, 19] published an extensive
set of studies exploring different aspects of the LCF behavior of the CrMnFeCoNi alloy, including
its microstructural evolution at room temperature compared to that at 550°C [14, 15], the effect of
the grain size on LCF behavior [16], development of Bauschinger stresses during cycling [19] and
comparisons with the LCF behavior of the ternary CoCrNi HEA [17]. Oliveira, et al. [21] studied
the effect of internal hydrogen on the cyclic stress response and LCF lifetime in the CrMnFeCoNi
alloy. They found that hydrogen enhances the magnitude of effective stresses but does not
influence the evolution of back stresses in this alloy. In addition, the presence of hydrogen severely

degraded the LCF resistance of the CrMnFeCoNi alloy by inducing intergranular failure.

The studies described above highlight the performance of the CrMnFeCoNi alloy and its
derivatives under cyclic straining and the microstructural features that characterize their cyclic
deformation behavior. However, a detailed investigation of how dislocations move under cyclic
loading conditions and the obstacles controlling the rate of cyclic deformation has not been

published yet. To address this shortcoming, we adopt a well-founded framework to study cyclic
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plasticity using a kinetic law in the form of Eq. (5.1) to describe the dependence of the plastic

strain rate (£,) on the applied (true) stress (o), the temperature (T) and the current microstructural

state represented by the strength in the absence of thermal activation (6) [22]:
& = &,(0,T,0) Eqg. (5.1)

Transient experiments such as stress relaxation and strain rate change tests are commonly used to
probe the kinetics of dislocation motion in terms of the relationship between €, and o at an
instantaneous condition of constant microstructure, i.e., constant 6 at a given temperature [23, 24].
In strain rate change experiments, for instance, an abrupt change in deformation rate (increase or
decrease) is imposed during a short strain interval, and the resulting change in stress is measured.
This change, which corresponds to the difference in stress necessary to maintain thermally
activated dislocation glide at the new plastic strain rate, is then used to calculate the activation
area. Physically, the activation area, Aa, characterizes dislocation motion through a field of discrete
obstacles in the glide plane, and it is a function of the activation distance, Ay, and the equilibrium

separation between obstacles for a uniform distribution, le, [22]:

Aa =Ay x [, Eq. (5.2)

The thermal activation parameter determined experimentally is the operational activation area, Aa”.
It is related (but not equal) to the true activation area and is given by the stress sensitivity of the

strain rate through Eq. (5.3) [22]:

Ad* = MkpgT N dlngy

> Py Eg. (5.3)
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where M is the Taylor factor (3.06 for FCC materials), kg is the Boltzmann constant (1.38x107%
JIK), T is the temperature (298 K in this work), b is the magnitude of the Burgers vector (0.255

nm for CrMnFeCoNi alloy [25]) and €, is the true plastic strain rate.

The magnitude of the operational activation area Aa” can be used to identify the type of discrete,
short-range thermal obstacles that control the kinetics of dislocation glide. For example, mobile
dislocations overcoming solute atoms have characteristic Aa” values on the order of 10%-102 b?,
depending on the solute concentration [26-28]. For dislocations intersecting forest dislocations,
Aa” ranges between 102-10* b?, depending on the dislocation density [26, 28, 29]. When cross slip
controls the glide kinetics, Aa” values in the order of 10%-102 b have been reported [26, 28, 30].
One challenge inherent in using these values is the difficulty of separating contributions from

multiple mechanisms that simultaneously control the glide Kinetics.

When the strain rate change tests are performed at a state of dynamic microstructural equilibrium,
the inverse of the operational activation area varies linearly with the flow stresses. This linear
behavior reflects the validity of the Cottrell-Stokes law [31], meaning that the relationship between
the plastic strain rate and the flow stress is maintained constant during strain hardening. In this
case, the plot of 1/Aa” vs o, also known as the Haasen plot, can be used to determine the nature of
the obstacles controlling the rate of deformation [22, 32, 33]. If the data extrapolate through the
origin, the only set of discrete obstacles to dislocation glide is forest dislocations. If the intercept
is a positive value of 1/Aa” or o, there is at least a second set of obstacles to dislocation glide, which
is more rate sensitive (thermal) or less rate sensitive (athermal) than forest dislocations,

respectively. Furthermore, the slope of the Haasen plot is inversely proportional to the work of
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thermal activation associated with the obstacle whose density varies during strain hardening, and

provides information regarding the characteristics of the obstacle profile [22, 32].

A few studies have been published reporting the thermal activation parameters and operative
mechanisms of monotonic plastic deformation in the CrMnFeCoNi alloy at cryogenic [34-36],
room [34-37] and high temperatures [38]. Overall, these studies suggest that the kinetics of
dislocation motion in the CrMnFeCoNi alloy are controlled by processes that are similar to those
observed in conventional solute strengthened FCC alloys, also implying that the current models of
monotonic strengthening and plasticity can be extended to this compositionally complex class of
materials. However, there are no such investigations under cyclic loading conditions, and the

remaining question is whether the same conclusion can be drawn.

The goal of the current work is to use a framework of thermally activated dislocation glide to
investigate how dislocations move in the CrMnFeCoNi high entropy alloy under cyclic loading
conditions. In addition to the promising fatigue behavior, the stability of the FCC matrix in the
CrMnFeCoNi alloy makes it a good representative material to understand plastic deformation in
this new compositionally complex class of materials. Plastic strain rate change experiments were
conducted during LCF tests at two different regions of the lifetime, probing operational activation
area values that represent the evolving and dynamic equilibrium states of the microstructure. In
addition to the rate change results, the work hardening behavior observed during the LCF tests is
explored since it is also relevant to our understanding of the deformation mechanisms and the data
analysis that enables the operational activation areas Aa” to be determined. The magnitudes of Aa”
are compared to values reported in the literature in order to identify dislocation interactions that

influence the cyclic deformation behavior in this HEA. In addition, the Haasen plot analysis is
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used to reveal the thermal obstacle(s) controlling the glide kinetics operating in the stable fatigue

microstructure near saturation.

5.2. Materials and Methods

5.2.1. Material

The CrMnFeCoNi alloy under investigation was prepared using procedures described in an earlier
paper [21]. Briefly, the alloy was arc melted, drop cast and homogenized in vacuum at 1473 K for
24 h [4] and extruded in stainless steel cans at 1273 K at a total extrusion ratio of 9:1, resulting in
an extrusion ratio of the HEA between 6:1 and 7:1. Cylindrical LCF specimens with gage
dimensions of 3.2 mm in diameter and 10.2 mm in length, in compliance with ASTM E606
specifications [39], were machined from the extruded rods and their gage sections polished with
SiC paper and diamond paste down to 0.25 um. Lastly, the polished LCF specimens were vacuum
annealed at 1173 K for 1h and furnace cooled, resulting in recrystallized and equiaxed grains with
an average grain size of 31 £ 2 um. In addition to a small number of Mn and Cr-rich particles, a

relatively high density of annealing twins was found in the annealed microstructure [21].

5.2.2. Low Cycle Fatigue (LCF) and Plastic Strain Rate Change

Fully reversed LCF tests were performed under true plastic strain control on an MTS 810 servo-
hydraulic load frame running MTS TestStar and Testware-SX codes adapted from Kaschner and
Gibeling [40]. Plastic strain amplitudes of 0.3%, 0.4% and 0.6% were probed at a base constant
true plastic strain rate of 1x107 s, and two specimens were tested at each amplitude to improve

the statistical significance of the results.

True plastic strain is a computed variable that is provided as a feedback signal in the closed loop

control system, and it is calculated from measured true total strain and calculated elastic strains
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(using the measured load), as described in previous work [41]. Mughrabi and colleagues first
developed plastic strain-controlled LCF tests, as summarized in reference [42]. By controlling
(true) plastic strains, a constant plastic strain amplitude and plastic strain rate can be maintained
throughout the test. Plastic strain is a deformation variable directly associated with damage
accumulation processes that lead to fatigue failure, as described by the Coffin-Manson relationship
[43, 44]. Plastic strain rate is also a fundamental variable that controls the stress response and
microstructure development [22, 24]. Therefore, by controlling plastic strain, a systematic study

of cyclic deformation can be conducted.

For the series of plastic strain rate changes during the LCF tests, an auxiliary computer running
custom codes [40] to program an MTS 418.91 MicroProfiler was used as an external command
source to impose rate changes within 50 ms. Two Hewlett-Packard 3458A digital voltmeters
collected load and strain data at a sampling rate of 500 readings per second for a total of 4 seconds
(2000 readings). The combination of a virtually instantaneous change in plastic strain rate and fast
data acquisition means that each data set collected represents a constant microstructure experiment
[24, 45, 46]. The external command source was programmed to run one complete cycle at the base
plastic strain rate (1x10° s) prior to the cycle with the rate change. Both internal (TestStar) and
external (MTS MicroProfiler) control channels were carefully tuned to provide an abrupt rate
change with minimal load oscillations after the rate change, which was near the point of control

instability.

The first type of the rate change experiment consisted of changing the base plastic strain rate of
1x1072 s to a reduced rate of 5x10* s, as shown schematically in Fig. 5.1 (a). This was repeated
periodically at the peak tension plastic strain from the end of the third cycle to cumulative plastic

strains of 15, which was defined here as a state of dynamic microstructural equilibrium based on
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the stress response curves shown in previous LCF work [21] and on studies of dislocation
generation and annihilation processes during cyclic deformation by Essmann and Mughrabi [47].
The goal of this first set of rate changes was to use the evolution of the operational activation area
with cumulative plastic strain to probe the microstructure that develops during cyclic deformation.
We initially chose to impose an additional 0.15% plastic strain at the second plastic strain rate,
consistent with our prior work on Type 316L stainless steel [48], but less than that used by
Kaschner and Gibeling [49] in similar studies. However, the first tests at an amplitude of 0.3%
plastic strain revealed that the mechanical response did not stabilize early in the test when an
additional strain of 0.15% was imposed. Hence, this quantity was reduced to 0.10% for all
subsequent tests. Hysteresis loops stabilized and Aa“ values were consistent at large cumulative
plastic strains using this value. After each rate change event, the specimen was cycled at the base
plastic strain rate for at least two complete cycles to restore the base microstructure and minimize

the effects of the prior change in deformation conditions [24].
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Fig. 5.1: Representative plots of (a) true plastic strain vs time, and (b) magnified true stress and

true plastic strain responses at the instant of strain rate change. 6, and o, are the true stresses
immediately before and after the rate change, respectively. €; and €, are the corresponding true
plastic strain rates. Here, the time scale was normalized by the time at which data acquisition was
triggered, meaning the values on the x-axis are relative to that time.
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After reaching the number of cycles corresponding to cumulative plastic strains of 15, the test was
interrupted, and a similar protocol was then carried out. For this second set of experiments, rate
changes were imposed at different values of plastic strain (and true stress) within the stable
hysteresis loops during the portion of a cycle corresponding to unloading from compression (that
is, reloading towards tension at stresses greater than zero). The additional plastic strain at the
second rate was either that necessary to reach the peak plastic strain at a given strain amplitude or,
if near the peak strain, 0.1% plastic strain as in the first set of experiments. The condition of
dynamic microstructural equilibrium achieved at this stage of the lifetime allows for use of the
Haasen plot analysis to assess the relationship between the operational activation area and the true
stress as the obstacle spacing varies. Additional details regarding these two testing protocols are

available in previous work [48].

For the calculation of the operational activation area, Aa”, using Eq. (5.3), the true stress
immediately before and after the rate change as well as the true plastic strain rates must be
determined. In this work, the derivative of the true stress versus time data was used to identify the
exact time of rate change and the true stress of interest at the base (nominal) strain rate. Then, the
portion of the true stress versus time data at the second nominal strain rate was fitted with a
weighted second order polynomial equation (up to an additional 0.1% plastic strain) and back
extrapolated to determine the stress value at the reduced rate corresponding to the time of rate
change. Finally, the slopes of the plastic strain-time data at each nominal plastic strain rate were
taken as the true values of plastic strain rate. The variables of interest for the calculation of Aa”are
illustrated in Fig. 5.1 (b). Additional details on the rate change protocol were published previously

[40, 48].

99



5.3. Results and Discussion

5.3.1. Hardening Behavior During Low Cycle Fatigue

Fig. 5.2 (a, ¢ and e) shows typical hysteresis loops that characterize the cyclic stress response of
the CrMnFeCoNi alloy at different stages of the lifetime (initial loading and first full cycle, at peak
strength and at half-life) for each of the tested plastic strain amplitudes (0.3% to 0.6%). These
results were obtained from companion (uninterrupted) LCF tests at a constant plastic strain rate of
1x1073 st [21]; the hysteresis loops reveal important information regarding the strain hardening
behavior of this alloy, especially during the early cycles, which directly influences the stress
response and the back extrapolation of stress at the second strain rate after the rate change events.
There is substantial hardening from the first cycle (black symbols) to the peak strength (red
symbols), followed by softening until half-life (green symbols) was reached. Such evolution of the
cyclic stresses is more fully illustrated in the stress response curve shown in an earlier study [21].
The hysteresis loops in Fig. 5.2 (a, ¢ and e) also reveal a small yield point in this annealed
CrMnFeCoNi alloy at all plastic strain amplitudes, which is evident in the first loading cycle and
after the first reversal (the latter only in some tests). The yield point effect was not detected after

the first cycle.
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Fig. 5.2: Hysteresis loops obtained during LCF tests at a constant plastic strain rate and plastic
strain amplitudes of (a) 0.3%, (c) 0.4% and (e) 0.6%. Black circles correspond to the loop for the
first cycle. Red and green circles correspond to the loops at peak strength and half-life,
respectively, at a given plastic strain amplitude. In addition, the work hardening rates in the
tension segment (zero to peak plastic strain) in each one of these hysteresis loops are plotted as a

function of the true plastic strain and are shown in (b, d and f).
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Fig. 5.2 (b, d and f) shows the work hardening behavior during the tension segment of the
hysteresis loops (Fig. 5.2 (a, ¢ and €)) as a function of the true plastic strain. These work hardening
rates were determined by taking the first derivative of the corresponding true stress vs. true plastic
strain data. The yield point phenomenon is characterized by negative work hardening rates in the
first cycle. Sun, et al. [50] observed a similar yield point in the CrMnFeCoNi alloy during tensile
tests. They attributed this behavior to the high stress necessary to nucleate dislocations in the well-
annealed initial microstructure compared to that necessary for dislocation glide, as seen in other
materials. Otto, et al. [4] and Jang, et al. [51] also reported a similar phenomenon during
monotonic deformation of the same HEA. Although the role of grain size and temperature is
unclear, these authors mentioned the possibility of the yield point reflecting dislocations being
pinned and breaking away from solute atoms or regions of short-range order. In the current work,
we hypothesize that the compositional complexity of the high entropy alloys yields a rough energy
landscape that may require higher stresses for dislocations to move during the first cycle when

their initial density is very low [4, 52].

The CrMnFeCoNi alloy shows unusually low hardening rates during the initial cycles at all plastic
strain amplitudes, which are manifested through relatively horizontal stress-strain segments (Fig.
5.2 (a, ¢ and e)) and work hardening rates near zero (Fig. 5.2 (b, d and f)). This behavior extends
to observations of the stress-strain response and work hardening rates during plastic strain rate
change experiments, as illustrated in Fig. 5.3. Based on quantitative analysis of the initial
microstructure reported by Otto, et al. [4] and Heckzo, et al. [52] after annealing at similar
temperature and time conditions, the initial dislocation density is very low in this alloy (on the
order of 10'? m). Therefore, the low work hardening rates observed in Figs. 5.2 and 5.3 for the

initial cycles arise from a weak initial microstructure, without enough dislocation interactions to
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increase the strength. As cyclic straining continues, the increase in work hardening rate reflects an

increase in dislocation density and in interactions between dislocations.
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Fig. 5.3: (a) Hysteresis loops around the plastic strain rate change event and (b) corresponding
work hardening rates at 0.3% plastic strain amplitude. Black circles represent the data for the
second cycle (first rate change). Red and green circles correspond to the loops at peak strength
and saturation state of the stress response, respectively.

The vyield point and low initial work hardening rates in this alloy also complicated the testing
protocol for the strain rate change tests. In previous work on FCC metals [40, 48, 49, 53], the first
strain rate change was conducted at the end of the first quarter cycle. Attempting to follow that
procedure for the CrMnFeCoNi alloy resulted in machine instability due to the unusual yielding
and hardening response. For that reason, the tests were started in internal control (TestStar), then
control was transferred to the external controller (MicroProfiler) at zero plastic strain on the
compression side of the hysteresis loop during the second cycle and one complete cycle was run
before initiating the strain rate change at the end of the third complete cycle. The constraints
imposed by the material response mean that the activation areas could not be measured as early in

the tests as was desired.
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5.3.2. Activation Areas from Initial Cycles to Saturation

Fig. 5.4 shows the inverse of the operational activation area normalized by the square of the
Burgers vector (b%/Aa”) and plotted as a function of the cumulative plastic strain, defined here as
four times the plastic strain amplitude times the number of cycles [9]. It also shows the evolution
of the peak stresses for the same interval of cumulative plastic strain on the righthand y-axis.
During the initial cycles, the rapid decrease in Aa” at a given plastic strain amplitude (by 50-60 b?)
correlates with the hardening and softening observed in the stress response curves with increasing
cumulative plastic strain. As the microstructure achieves a state of dynamic equilibrium consisting
of well-defined wall and cell formation [12, 16] characterized by a plateau in peak stresses, Aa”

remains constant throughout the remainder of the tests.
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Fig. 5.4: Inverse of the operational activation area normalized by the square of the Burgers
vector (b%Aa”) (left y-axis) and true stress (right y-axis) as a function of cumulative plastic
strain. Blue, violet and green symbols represent plastic strain amplitudes of 0.3%, 0.4% and
0.6%, respectively. The dashed lines indicate corresponding values of Aa” in units of b2 Only
one data set at each amplitude is shown for clarity.
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Across all plastic strain amplitudes, Aa” ranges from 170 b? to 250 b?. At saturation, there is a
dependence of Aa” on plastic strain amplitude, from 170 b? at 0.3% to 220 b? at 0.6%. These values
are within the range expected for alloys in which the discrete obstacles to the thermally activated
glide of dislocations are solute atoms and forest dislocations [26-29]. Their individual

contributions add to the total Aa” in reciprocal form as shown in Eq. (5.4) [22, 32]:

1 1 1
= " + "
Aa*  Aag  Aagp

Eq. (5.4)

where Aag and Aap represent the operational activation areas associated with dislocation
interactions with the solid solution matrix and with forest dislocations, respectively. In addition,
except for the very first cycles, b%/Aa” scales with the plastic strain amplitude, indicating that Aa*
is larger at low amplitude than at high amplitude at a given cumulative plastic strain. This result
reflects the influence of the dislocation arrangements developed at different plastic strain
amplitudes on the activation area. The forest dislocation spacing at low amplitudes is larger than

at high amplitudes, as reflected in the stress.

The Aa” value obtained during the first rate change event at all plastic strain amplitudes (cycle
number three) is 250 b?. Although substantial hardening is observed during the initial cycles, the
predominant contribution to this value is from Aag, and the remaining fraction of Aa” likely arises
from Aag. As the plastic strain accumulates and the spacing between dislocations decreases, forest
dislocations become more significant to the kinetics of dislocation glide, and changes in Aag lead
to a decrease in the total Aa”". This interpretation assumes the solutes can be treated as discrete
obstacles in this compositionally complex alloy. We base this assumption on the approach of
Varvenne, et al. [54] in which they model the CrMnFeCoNi alloy as an average FCC matrix with
discrete solutes that can be overcome by thermal activation. This approach has been shown to
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adequately describe the mechanical behavior of the Cantor alloy [36, 38, 54], but is certainly an
approximation of this alloy in which the full details of the rough potential energy landscape that
affect the rate of glide of a dislocation from one thermal obstacle to the next are simplified. For
example, the model does not include a full consideration of local variations in the Burgers vector
and the shear modulus, which may also affect dislocation motion, probably manifesting as a

distributed, athermal glide resistance.

In addition to the interaction of gliding dislocations with solutes and forest dislocations, the
importance of cross slip processes to the microstructural development that takes place during
cyclic deformation in the CrMnFeCoNi alloy is highlighted by detailed reports of transmission
electron microscopy (TEM) results. Lu, et al. [16] observed substructures resulting from wavy-
slip at total strain amplitudes of 0.5% and 0.7%, corresponding to plastic strain amplitudes of
approximately 0.3% and 0.5%, respectively. These dislocation substructures formed during the
cyclic softening stage of lifetime (at relatively small cumulative plastic strains) and consisted of
veins, walls, labyrinth and well-defined cells. Shams, et al. [12] also reported the formation of wall
structures in this alloy during an early stage of lifetime at amplitudes corresponding to plastic
strains above 0.5%, which further developed into well-defined dislocation cells with subsequent

cyclic straining.

Despite the important role of cross slip in the development of a stable fatigue microstructure in the
CrMnFeCoNi alloy, the magnitude of Aa” suggests that it does not control the rate of dislocation

glide. If cross slip is included as a possible rate-controlling mechanism, then Eq. (5.4) becomes:

b — Eq. (5.5)
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where Aagg is the activation area for cross slip. At 0.6% plastic strain amplitude, for example, the
value of Aa” at a cumulative plastic strain of 15 is about 170 b2. Assuming that Aa§ equals 250 b?
(as an approximation from the data for the first rate change), the values of Aag and Aaig must each
be larger than 530 b? for Eq. (5.5) to be satisfied. This is a reasonable magnitude for forest
dislocations, but much larger than that reported by Bonneville and Escaig [30] for cross slip (300
b?). Furthermore, if the Aa” contribution from cross slip is equal to the smallest possible value of
530 b? Aa} would approach an infinite value, meaning that forest dislocations would not be
operative thermal obstacles. This is certainly not reasonable under these deformation conditions.
We conclude that cross slip processes do not control the kinetics of dislocation glide in
CrMnFeCoNi, although they are important in developing the cell structures that have been

observed in this alloy at saturation.

5.3.3. Thermal Activation Parameters at Saturation

At saturation, the activation area results can be represented using a Haasen plot of the inverse of
the operational activation area normalized by the Burgers vector (b?/Aa”) as a function of stress.
Traditionally, such a plot is based on the total applied stress [22, 32]. However, an alternative
approach is to offset the applied stress by the yield strength (ay) so that the stress-dependence of
the activation areas in the Haasen plot characterizes only dislocation interactions associated with
forest hardening [36]. In other words, the stresses on the Haasen plot are predominantly from forest
dislocation strengthening, since contributions from solid solution strengthening (o5, which
represents a thermally activated mechanism), the intrinsic lattice resistance (o a7t, an athermal
contribution), and grain size strengthening (ogs, an athermal contribution) are accounted for in oy,

as expressed in Eq. (5.6):

Oy = 05 + Oparr + Ogs = Os + Oparr + kd™/? Eq. (5.6)
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Here k is a material constant and d is the average grain size. In this work, oy is equal to 240 MPa,
and it was obtained at 0.1% plastic strain offset using the first quarter cycle data at 0.6% plastic
strain amplitude. This value of plastic strain offset was chosen to be consistent with the
Bauschinger analysis performed in related work [21]. Furthermore, the lack of work hardening
observed during the first LCF cycle (Fig. 5.2) implies that the oy would have the same value if
taken at a 0.2% plastic strain offset. Finally, we note that Eq. (5.6) reduces to the familiar Hall-

Petch relationship with oy = 05 + o a7t COnsistent with the work of Laplanche, et al. [36].

Fig. 5.5 depicts the Haasen plot for the CrMnFeCoNi alloy, in which the offset flow stress is o -
oy. At a given offset flow stress, there is no clear dependence of Aa“ on the plastic strain amplitude,
and all the data were fitted with a single linear equation in the current work. This behavior was
also observed by Kaschner and Gibeling [49] during plastic strain rate change experiments in
cyclic deformation of 304 stainless steel, and it was attributed to the predominant influence of
solutes on the kinetics of dislocation glide at the saturation state. Furthermore, the linearity of the
data is confirmation that the Cottrell-Stokes law [31] holds, and that different data points in the
Haasen plot probe the same stable microstructure but with different obstacle densities. The

obstacles giving rise to this linear behavior are the forest dislocations.

108



0.010 ————————
[ | 0 Aef2=06%
[| O Ag/2=04% .
0.008 [ o Ac/2=0.3% ]

.. 2 e e e e e e e e e e e e e e e e e e e e e e e e e e e e 1
. 0.006 | 1%0P JSY-Eos
© I o @’8)_
S . 00686 ]
~ A 9~
o) L 5?'066 8 6 ]
0.004 5 o -g&8 .
?---Q ----------------------------------------- 325 b?
0.002 :
0000 b
0 25 50 75 100 125 150

o - oy (MPa)

Fig. 5.5: Inverse of the operational activation area normalized by the square of the Burgers
vector (b?/Aa”) as a function of the offset flow stress (c-oy), also known as the Haasen plot.
Blue, violet and green symbols represent plastic strain amplitudes of 0.3%, 0.4% and 0.6%,
respectively. All the data sets corresponding to different plastic strain amplitudes were fitted with
a linear function. Only one data set at each amplitude is shown for clarity.

The Haasen plot data extrapolates to a positive value of b%/Aa”, indicating that there is at least one
other set of thermal obstacles controlling the rate of cyclic deformation in the CrMnFeCoNi alloy
besides forest dislocations [22, 32], which was identified in section 5.3.2 as solid solution
strengthening. The magnitude of Aa¥ estimated from the intercept of the Haasen plot is 285 b?, in
good agreement with the 340 b? reported by Laplanche, et al. [36] in annealed CrMnFeCoNi alloy
determined from stress relaxation experiments following monotonic deformation at room

temperature.

The Aa” values in the Haasen plot (Fig. 5.5) vary from 285 b? at zero offset flow stress (¢ = oy =

240 MPa) to 160 b? at an offset flow stress of 150 MPa (c = 390 MPa). The former value reflects
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the contribution of solution strengthening alone while the latter reflects the increasing contribution
of forest dislocation strengthening as the stress increases and dislocation spacing decreases.
Mulford [32] found similar orders of magnitude of Aa” after strain rate change experiments in
monotonic deformation of aluminum alloys (~350 b? at 30 MPa and 240 b? at 120 MPa) and
solution-hardened Inconel 600 (~130 b? at 150 MPa and 105 b? at 600 MPa). Kaschner and
Gibeling [49] calculated ~140 b? at 200 MPa and 95 b? at 350 MPa in 304 stainless steel during

cyclic deformation at saturation.

In addition, an analysis similar to that conducted in section 5.3.2 (Eg. (5.5)) can be performed to
confirm that cross slip is not a rate-controlling obstacle influencing the Kkinetics of dislocation
glide. At an offset stress of 150 MPa, if both Aa}. and Aagg contribute to the total Aa” of 160 b?,
their magnitudes must be larger than 365 b? (each). Taking Aa¥ as 285 b2 from above and Aagg as
400 b? (close to the 300 b? value estimated by Bonneville and Escaig [30]), Aaj: would need to be
greater than 4,000 b? Although this value is still reasonable for dislocation-dislocation
interactions, it would imply that, at lower levels of stress, the magnitude of Aag and Aay would
need to be very large for both obstacles to be rate controlling. For example, at an offset flow stress
of 100 MPa, Aa” is approximately 190 b?, requiring Aagg and Aaj to be greater than 570 b2 If
Aaf is assumed to be an extreme value of 600 b?, the value of Aaj suggests that forest dislocations
are not operative (Aaj greater than 11,000 b?). Therefore, the calculations of thermal activation
parameters in the microstructural state of dynamic equilibrium also indicate that, despite occurring
during cyclic deformation, cross slip processes do not control the kinetics of dislocation motion in
the CrMnFeCoNi alloy. In the absence of cross slip as a thermally activated obstacle, Aag can be
estimated at a given offset flow stress value using Eq. (5.4). For an offset stress of 150 MPa, Aay

equals 365 b?, within the range normally associated with forest dislocations [26, 28, 29, 38]. As
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the offset stress approaches zero, Aay approaches an infinite value, reflecting the decreasing

importance of forest dislocations as a rate-controlling obstacle at stress values near the yield stress.

Finally, we note that the value of Aag obtained from the tests of cycling to saturation (250 b?)
differs from that obtained at saturation (285 b?). We attributed this difference to the fact that in the
tests to saturation, the first measurement of activation area was obtained at the end of the third
cycle. As a consequence, it most likely includes a contribution from forest dislocations (which
decreases the total Aa” as additional dislocations are generated) since this alloy hardens rapidly
during the first several cycles. As such, we treat the estimate obtained from the strain rate change
tests at a state of dynamic equilibrium of the microstructure (saturation) as the more reliable

measure of Aag.

5.4. Conclusions

Plastic strain rate change experiments were conducted during plastic strain-controlled low cycle
fatigue (LCF) tests in the annealed CrMnFeCoNi high entropy alloy, and operational activation
areas Aa” were calculated at both the evolving and the dynamic equilibrium microstructural states.
In addition, the work hardening behavior of this alloy during the LCF tests was reported, as it
directly influences the stress response before and after the rate change event. The main findings

are summarized below:

1. A small yield point is observed in the hysteresis loops for the first cycle in the
CrMnFeCoNi alloy at all plastic strain amplitudes. This phenomenon is possibly due to
the rough energy landscape that characterizes the compositional complexity in the high

entropy alloys, especially in a well-annealed microstructure where the initial dislocation
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density is very low. Furthermore, unusually low work hardening rates are observed

within the hysteresis loops during the initial cycles.

The changes in Aa" from the initial cycles to a state of dynamic microstructural
equilibrium (saturation) correlate with the evolution of peak cyclic stresses in this alloy.
Across all plastic strain amplitudes, Aa” rapidly decreases from 250 b? (independent of
amplitude) to a range of 170 b? to 220 b? (depending on amplitude) during the initial
cycles, maintaining a constant value at large cumulative plastic strains. The magnitudes
of Aa” are consistent with dislocation motion controlled by interactions with forest

dislocations and the solid solution matrix.

The results of plastic strain rate change tests under conditions of dynamic microstructural
equilibrium (saturation) demonstrate linearity on the Haasen plot and exhibit no
dependence on plastic strain amplitude. These results confirm that the kinetics of
dislocation glide are controlled by interactions with the solution-strengthened matrix and
forest dislocations. The activation areas for these obstacles are 285 b? (independent of
flow stress) and 365 b? (at an offset flow stress of 150 MPa), respectively. The activation
area for forest dislocations varies inversely with the offset flow stress, reflecting its
decreasing importance as a rate-controlling obstacle when the flow stress approaches the

yield stress.

Although cross slip processes are important for microstructure development during
cyclic straining in the CrMnFeCoNi alloy, the activation area analysis shows they do not
represent rate-controlling obstacles to dislocation glide. This result further supports the
idea that thermally activated dislocation glide during cyclic deformation in this

compositionally complex alloy occurs by mechanisms that are the same as those observed
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in this alloy under monotonic loading conditions and in conventional solution-

strengthened alloys.
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Chapter 6. Summary of Results and Future Research Opportunities

This dissertation study has investigated the low cycle fatigue (LCF) response and mechanisms of
cyclic deformation in strain-hardened Type 316L stainless steel and annealed CrMnFeCoNi high
entropy alloy (HEA) for structural and hydrogen energy-related applications. Plastic strain-
controlled LCF tests were used to characterize the influence of internal hydrogen on the cyclic
peak stress response and on the lifetimes associated with crack initiation and final failure
processes. In addition, plastic strain rate change experiments during LCF provided detailed
information about the dislocation interactions with discrete obstacles that control the kinetics of

cyclic deformation. The main findings are summarized below:

1. Both the hydrogen-precharged and non-charged 316L stainless steel exhibit continuous
softening during cyclic straining due to dislocation interactions in the strain-hardened
microstructure. Internal hydrogen increases the cyclic strength of this alloy but
significantly decreases the crack initiation and total lifetimes, especially at low plastic
strain amplitudes. The effect of hydrogen on LCF performance is correlated with the
reduced propensity for cross slip (more slip planarity), observed in scanning transmission
electron microscopy (STEM) images of dislocation arrangements, and with the
enhancement of effective stresses in the low strain amplitude regime.

2. The presence of hydrogen in Type 316L stainless steel leads to a decrease in operational
activation area at a given true stress at all plastic strain amplitudes. Although hydrogen
clearly influences the glide resistance, separating the contributions from dislocation
interactions with solute atoms, forest dislocations and cross slip (when active) in this
complex alloy is very challenging. Dislocation cells with tight walls and open interiors are

observed in the non-charged condition at all plastic strain amplitudes. In contrast, dense
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dislocation tangles dominate the microstructure in the hydrogen-precharged condition at
low strain amplitudes, and well-defined cellular structures form only at high strain
amplitude, implying that hydrogen influences the microstructure development in this alloy.
The plastic strain amplitude dependence of the fatigue microstructure in the hydrogen-
precharged condition is reflected in the magnitudes of athermal stresses. At low
amplitudes, the athermal stresses are much larger in the hydrogen-precharged than in the
non-charged condition, mainly attributed to dense dislocation tangles. As the
microstructures become more similar in both material conditions at higher strain
amplitudes, the magnitudes of athermal stresses converge.

Observations of serrated flow in hydrogen-precharged CrMnFeCoNi alloy during the first
LCF cycle suggest that internal hydrogen pins mobile dislocations in the well-annealed
initial microstructure. During cyclic straining, tension peak stresses rapidly increase to a
peak strength, followed by softening to a plateau that characterizes stress saturation in the
material with and without hydrogen. Despite increasing the cyclic stresses, hydrogen
drastically decreases the number of cycles necessary to initiate a primary crack and cause
final fatigue failure, and this effect on the lifetime is correlated with the enhancement of
effective stresses. Furthermore, the addition of hydrogen in this alloy leads to a transition
from ductile to brittle intergranular failure, consistent with the model of hydrogen-
enhanced compatibility constraint across grain boundaries.

. The well-annealed CrMnFeCoNi alloy exhibits a small yield point during the first LCF
cycle, attributed to dislocation glide through the rough energy landscape in this complex
alloy, which is intensified by a very low initial dislocation density. Detailed investigation

of the kinetics of dislocation glide in this HEA during cyclic deformation reveals that the
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operational activation area rapidly decreases as plastic strain accumulates in the initial
cycles and then maintains a constant magnitude throughout the stress saturation region.
The range of operational activation areas obtained both in the evolving and dynamic
equilibrium microstructures indicates that the solution-strengthened matrix and forest
dislocations are the discrete thermal obstacles controlling cyclic deformation in the
CrMnFeCoNi alloy. Although dislocation cell structures have been shown to develop
during LCF, cross slip does not contribute to the rate of thermally activated dislocation
glide. The implication is that the compositional complexity of this alloy does not affect the
mechanisms of dislocation motion when compared to conventional solid solution-

strengthened alloys.

Overall, the findings of this dissertation research reveal important information about the LCF
performance of Type of 316L stainless steel and CrMnFeCoNi high entropy alloy, which
determine the applicability of these metallic materials in the structural and hydrogen energy
sectors. They also provide fundamental information towards the understanding of cyclic plasticity,
especially where the effect of hydrogen on deformation processes that lead to fatigue failure is not
well understood. In addition, this research highlights the use of plastic strain rate change
experiments during plastic strain-controlled LCF tests as a “mechanical microscopy” tool,
providing quantitative information about rate-controlling obstacles that influence the macroscopic
behavior and cannot be identified using conventional microscopy or mechanical testing
techniques. Finally, the data generated in this study can be used as input in computational models

of cyclic deformation behavior in FCC materials.

Some opportunities for future work that complement this dissertation research are listed below.
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1. The magnitudes of the operational activation areas obtained in Type 316L stainless steel
were used to identify the rate-controlling obstacles to dislocation glide in different material
conditions. However, separating the contributions from each one of these thermal obstacles
is very challenging, especially in a strain-hardened microstructure. Therefore, robust
models of strengthening that account for processing history in complex alloys would
provide a more quantitative analysis of thermal activation parameters and would further
clarify the effect of hydrogen on dislocation interactions.

2. This research project used fatigue experiments in hydrogen-precharged specimens as a
surrogate for tests in high pressure gaseous hydrogen environments, based on reports of
good agreement between fatigue lifetimes obtained in load-controlled tests. However, our
results suggest that strain-control represents a better tool to probe mechanistic information
during fatigue tests. Despite the experimental challenges, it would be interesting to perform
strain-controlled LCF tests in gaseous hydrogen environments and to evaluate whether the
cyclic deformation behavior in stainless steel is similar with internal and external hydrogen.

3. The ternary CoCrNi HEA has been shown to possess superior monotonic and fatigue
performance when compared to the CoCrFeMnNi alloy. However, its mechanical behavior
in hydrogen environments has not been explored yet. Therefore, LCF tests in hydrogen-
precharged CoCrNi would be helpful in determining its feasibility for hydrogen handling
systems. In addition, the influence of hydrogen on the dislocation glide kinetics in both the
CoCrNi and the CoCrFeMnNi alloys could be revealed by plastic strain rate change
experiments.

4. Lastly, refractory BCC high entropy alloys are being extensively studied for potential

applications in the aerospace industry. Since components in such applications are often
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subjected to cyclic mechanical stresses (and cyclic thermal loadings), there is a need for a
thorough characterization of the fatigue (and thermomechanical fatigue) behavior and

mechanisms of cyclic deformation in these HEA compositions.
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Appendices

A.1. Methodology to estimate LCF crack initiation lifetime from stress-strain hysteresis loops

The hysteresis loops obtained from a LCF test can be used to reveal the process of crack initiation
(surface crack opening and closure processes) as the loop shape changes. Fig. A.1.1 shows the
progression of the true stress and true plastic strain response in a PC specimen tested at a plastic
strain amplitude of 0.1%, which clearly demonstrates cyclic softening. In addition, the apparent
modulus for the cycles near end of life changes, which implies an additional effect of crack

initiation and propagation.

800 [ T S B S
X m Cycle5 i
600 | | ® Cycle 5000 m— .
[ | A Cycle 10000 :

200 F

True Stress (MPa)
o

-400 F

-600

-800:""""'---'----l--..l..
-0.0010 -0.0005 0.0000 0.0005 0.0010

True Plastic Strain (mm/mm)

Fig. A.1.1: Hysteresis loops for PC 316L stainless steel tested at Ag,/2 = 0.1%. The black
(square), red (circle), blue (up-pointing triangle) and green (down-pointing triangle) loops
represent the stress-strain response for cycles number 5, 5000, 10000 and 12000, respectively.
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The analysis to estimate the crack initiation cycle is based on detecting a change in the apparent
elastic response of the specimen and was conducted in MATLAB® following the steps that are
summarized in Fig. A.1.2. A similar methodology was incorporated by Sheridan, et al. [1] to
estimate fatigue crack initiation lifetime in additively manufactured alloy 718. These authors used
applied load and axial displacement to calculate the compliance of each load cycle, and the number
of cycles corresponding to a 0.3% change in compliance was defined as the initiation cycle. Even
though the theoretical foundation for estimating fatigue crack initiation is analogous, the
smoothing and fitting procedures as well as the testing variables used for the calculations and

definition of initiation cycle differ in the current study.
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data processing was done using MATLAB®.

Fig. A.1.2: Schematic representation of the steps involved in the crack initiation analysis. All

The first part of the analysis consists in identifying the points of interest in the hysteresis loops,

shown in the second box of Fig. A.1.2, which are the tension unloading data, or the true values of

stress and total strain from the tension peak to zero load. Once the range of interest is identified,



the program uses a scoring system to identify the region within the selected strain-stress data
providing the best combination of correlation and size of data set. The scoring system considers
linear fits of all possible series of consecutive points; the initial point could be the tension peak or
lower values of stress in the unloading stress-strain data array. Series with fewer than five points
are excluded from consideration. The linear fits are then mapped on a two dimensional vector
space where one axis is the correlation coefficient, R?, and the other axis is the length (size) of the
data set used to calculate the fit, divided by 100. The series of stress-strain values offering the
largest vector in this constructed space is then selected as the range of interest for the calculation
of the slope of the elastic unloading, using the method of least squares. After repeating this analysis
for each hysteresis loop, the slope is plotted as a function of number of cycles N, and a Savitzky-
Golay filter with a second order polynomial and variable number of points is employed to reduce
the noise in the data. This method uses the least squares fitting of a second order polynomial with
variable number of points (frame length). It has the advantage of smoothing without significant

distortion of the original data trend [2, 3].

The smoothed slope data do/de, as shown in the fourth box of Fig. A.1.2, are then fitted to an
exponential function represented by Eq. (A.1.1) in order to provide a better estimation of the

initiation life.
29 _ ¢ —exp (M) Eq. (A.1.1)

where a, b and c are fitting constants controlling the start of the exponential decay on the x-axis
(number of cycles N), the rate of decay and the y-axis (smoothed slope do/de) intercept,

respectively. N represents the number of cycles. The implemented method and algorithm are non-
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linear least squares and trust region, respectively. Table A.1.1 shows the range of allowable values

for the parameters a, b and ¢, which vary with the data set.

Table A.1.1: Upper and lower bounds for the fitting parameters a, b and c, defined in Eq.

(A.1.2).
Parameter Value
Amax total number of cycles
amin -0.8 * total number of cycles
Dmax 3000
Dmin 1
Cmax 1.5 * mean slope of 50% of the data
Cmin 0.5* mean slope of 50% of the data

The final step is the calculation of the number of cycles needed to yield a detectable decrease in
slope, defined here as 1%, under the assumption that the slope remains approximately constant
until a primary crack develops. The reference value for do/de is the maximum value of the
exponential fitting curve (do/de)max, and then the fitting function is solved for 0.99*(do/d€)max. The

initiation life obtained from this technique is plotted as a green star in the last box of Fig. A.1.2.
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A.2. Experimental details and data from LCF tests

Low cycle fatigue tests were performed in a closed-loop MTS servo-hydraulic testing system
equipped with the following sensors: an MTS 661.20E-03 (S/N 104412, 100 kN capacity) and an
Interface 1010AF-2.5k (S/N 69267A, 11 kN capacity) load cells and an MTS 632.26E-30 (S/N
441, £ 6% strain capacity) extensometer, which was attached to the specimen using 7.9 mm (5/16
in) rubber bands looped twice around the specimen. Regular/sharp knife edges were used on strain-
hardened 316L stainless steel to prevent slippage of the extensometer. However, they left deep
indents in the annealed CrMnFeCoNi specimens that acted as sites for the nucleation of a primary
crack. For the subsequent tests, flat-faced radiused knife edges were glued to the gage section of
the specimens. The alignment of the load frame was verified using a strain-gaged standard round
specimen (Haynes 230 alloy, 12.7 mm gage diameter) connected to Vishay strain indicators.
Adjustments on the MTS 609.10A-01 (Part # 90-083-501, S/N 1025805) alignment fixture
corrected for concentric and angular misalignments. According to the ASTM standard for strain-
controlled fatigue [4], the bending strains should not exceed 5% of the minimum axial strain range
imposed during the tests. Since our fatigue tests use a 2% (total) strain range, concentric and
angular strains were adjusted as often as needed to remain below 100 microstrain. More details on
the LCF testing protocol are given in Chapters 2 and 4, and relevant testing variables are provided

in Table A.2.1.

Table A.2.1: Variables for LCF setup in 316L and CrMnFeCoNi (HEA) alloys

Material/ Elastic Tuning Parameters (Plastic Strain - Flow Valve
o Modulus SG) Rate g
Condition Config.
(MPa) P | D F (gpm)

316L AR 200,000 | 14,500-17,200 | 1,500 | 170 0 1 Single
316L PC 206,000 | 13,700-17,200 | 1,500 | 170 0 1 Single
316L HT 200,000 | 14,500-17,200 | 1,500 | 170 0 1 Single
HEA 229,000 2,600-2,800 40 35 1 10 Single
H-HEA 205,000 2,000-2,100 40 35 1.5 10 Single
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The data obtained from the LCF tests were processed using a custom MATLAB® code and plotted
using OriginPro®. The data contained in the cyclic stress-strain curves and in the strain-life plots

are shown in Tables A.2.2-A.2.3 and A.2.4-A.2.5, respectively.

Table A.2.2: Tension peak stresses at half-life in strain-hardened 316L stainless steel

Strain-hardened 316L austenitic stainless steel
Plastic Strain True Peak Tension
Amplitude (mm/mm) Stress (MPa)
0.001 397.5
0.001 387.7
0.002 419.5
0.002 423.9
= 0.003 430.6
0.004 453.6
0.005 480.6
0.007 520.5
0.007 512.9
0.001 507.8
0.001 487.5
0.002 520.1
0.002 527.5
O 0.003 545.0
0.004 553.1
0.005 574.1
0.007 587.3
0.007 588.0
0.002 443.3
= 0.004 482.2
0.007 514.6
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Table A.2.3: Tension peak stresses at half-life in annealed CrMnFeCoNi high entropy alloy

Annealed CrMnFeCoNi high entropy alloy
Plastic Strain True Peak Tension
Amplitude (mm/mm) Stress (MPa)
0.003 308.9
0.003 304.0
0.004 340.6
< 0.004 354.3
LiJ 0.006 384.7
0.006 385.5
0.006 380.0
0.008 390.5
0.008 388.9
0.003 381.6
0.003 387.0
< 0.004 411.1
L 0.004 406.9
= 0.006 430.8
0.006 434.9
0.008 471.7
0.008 476.4
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Table A.2.4: Initiation and total LCF lifetimes in strain-hardened 316L stainless steel

Strain-hardened 316L austenitic stainless steel
Plastic Strain Number of Cycles to | Number of Cycles to
Amplitude (mm/mm) | Initiation (cycles) Failure (cycles)
0.001 25561 33834
0.001 31605 32638
0.002 8410 10175
0.002 9348 9721
= 0.003 3469 4227
0.004 2649 2682
0.005 1426 1967
0.007 - 722
0.007 602 827
0.001 7436 7655
0.001 8805 12739
0.002 2931 3356
0.002 2418 3442
Q 0.003 1297 1952
0.004 1050 1257
0.005 774 948
0.007 360 484
0.007 481 644
0.002 - 9159
= 0.004 - 2569
0.007 - 1071
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Table A.2.5: Initiation and total LCF lifetimes in annealed CrMnFeCoNi high entropy alloy

Annealed CrMnFeCoNi high entropy alloy

Plastic Strain
Amplitude (mm/mm)

Number of Cycles to
Initiation (cycles)

Number of Cycles to
Failure (cycles)

0.003 20001 20885
0.003 20601 21528
0.004 10001 10536
< 0.004 5401 6118
] 0.006 ; 3706
0.006 4201 4249
0.006 4744 5004
0.008 2570 2957
0.008 2201 2600
0.003 3001 3311
0.003 ; 2366
< 0.004 901 1171
i 0.004 1401 1698
i 0.006 351 546
0.006 301 485
0.008 121 188
0.008 : 105
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A.3. Experimental details and data from Plastic Strain Rate Change tests

Table A.3.1 contains relevant testing variables for the plastic strain rate change experiments. In

addition, Table A.3.2 includes the plastic strain levels used for the rate change protocol. A detailed

overview of the methodology is provided in Chapters 3 and 5.

Table A.3.1: Variables for Plastic Strain Rate Change setup

Material/ Elastic Tunir?g Para_lmeters Tuqing Pa_rameters IF:QI;);Z Valv_e
L Modulus (Plastic Strain - SG) (Plastic Strain — 418.91) Config.
Condition (MPa) (gpm)
[ D |F P I D F
316L AR | 187,000 | 1900-2000 | 40 | 30 | 2 | 2000 40 |40-45| 2 10 Single
316L PC | 193,000 | 1900-2000 | 40 | 30 | 2 | 2000 40 45 | 2 10 Single
HEA 229,000 2,000 40 | 30 | 2| 2000 | 425 30 |2 10 Single
Table A.3.2: Plastic strain levels for rate change protocol
Plastic _Straln Transfer Level Jump Level End Level
Amplitude
(mm/mm) (mm/mm) (mm/mm)
(mm/mm)
0.003 0 0.003 0.0045
= 0.004 0 0.004 0.0055
& 0.006 0 0.006 0.0075
0.008 0 0.008 0.0095
< 0.003 0 0.003 0.004
Lf 0.004 0 0.004 0.005
0.006 0 0.006 0.007

The data obtained from the Plastic Strain Rate Change tests were processed using a custom

MATLAB® code and plotted using OriginPro®. The data contained in the Haasen plots are shown

in Tables A.3.3—-A.3.14. The red font color is used to indicate data that were masked in the Haasen

plots, following the criterion of lying outside the range between the 25" and 75" percentile by a

factor of two times the interquartile range.
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Table A.3.3: Haasen plot data for as-received (AR) strain-hardened 316L stainless steel at 0.3%
plastic strain amplitude.

Specimen ID: AR4 A3 Specimen ID: AR9 A3
Stress Stress
True Stress Sensitivity of . . True Stress Sensitivity of N N
(MPa) the Strain )I/?ate b/Aa Aa’/ b? (MPa) the Strain )I/?ate b*/Aa Aa’/ b?
(0lngp/dlno) (OIn€p/dlno)

436.0 85 0.0067 150 442.1 95 0.0060 166
283.4 71 0.0051 195 314.1 87 0.0047 213
313.4 87 0.0047 213 339.9 89 0.0049 203
338.8 78 0.0057 177 362.9 81 0.0058 173
360.2 79 0.0059 169 382.4 83 0.0059 168
378.7 84 0.0059 171 400.0 79 0.0066 153
395.6 81 0.0063 158 415.6 78 0.0069 145
410.9 74 0.0072 139 429.6 79 0.0070 143
424.0 76 0.0072 139 442 .4 81 0.0071 142
435.7 81 0.0070 143 442.0 85 0.0067 149
435.3 80 0.0070 142 281.9 95 0.0038 261
282.9 93 0.0040 253 313.4 88 0.0046 216
312.9 94 0.0043 232 339.5 90 0.0049 204
338.3 76 0.0057 174 362.2 82 0.0057 175
359.7 81 0.0058 174 382.0 79 0.0063 159
378.5 81 0.0061 165 399.2 80 0.0065 155
395.4 79 0.0065 154 414.9 76 0.0071 142
410.0 76 0.0070 143 428.9 83 0.0067 149
423.4 75 0.0073 136 4415 84 0.0068 147
435.1 76 0.0075 134
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Table A.3.4: Haasen plot data for as-received (AR) strain-hardened 316L stainless steel at 0.4%
plastic strain amplitude. The red font color indicates data that were masked in the Haasen plots.

Specimen ID: AR2 A4 Specimen ID: AR6 A4
Stress Stress
True Stress Sensitivity of . . True Stress Sensitivity of . .
(MPa) the Strain Bll?ate b¥/Aa Aa/ P (MPa) the Strain )I/?ate b¥/Aa Aa/ D
(OInép/dIno) (0Inép/OIno)
448.7 67 0.0087 115 449.8 73 0.0079 126
269.9 92 0.0038 261 274.0 94 0.0038 265
299.5 73 0.0053 189 302.8 87 0.0045 222
323.2 73 0.0057 174 326.2 77 0.0055 181
343.5 68 0.0065 154 346.4 66 0.0068 148
360.8 72 0.0065 153 363.5 72 0.0065 153
375.7 75 0.0065 153 377.8 86 0.0057 175
389.6 71 0.0072 140 391.6 77 0.0066 152
4014 83 0.0063 159 403.5 81 0.0065 155
412.8 73 0.0073 137 414.7 79 0.0068 147
423.0 71 0.0077 130 424.5 76 0.0072 139
432.1 77 0.0073 137 433.5 76 0.0074 135
447.9 74 0.0079 127 449.0 70 0.0083 120
4475 75 0.0077 129 448.8 70 0.0083 120
269.1 77 0.0045 221 272.5 103 0.0034 293
298.2 77 0.0050 200 301.4 95 0.0041 244
322.1 72 0.0058 173 325.2 75 0.0056 179
342.1 73 0.0061 164 344.8 75 0.0059 168
359.3 72 0.0065 155 361.8 75 0.0062 161
374.5 77 0.0063 159 376.7 83 0.0059 170
388.0 75 0.0067 148 390.4 76 0.0067 150
400.5 71 0.0073 137 402.4 77 0.0068 147
411.7 72 0.0074 135 413.1 78 0.0069 146
421.6 70 0.0078 129 423.2 73 0.0075 133
430.8 76 0.0074 136 431.8 81 0.0069 144
446.2 74 0.0078 128 447.5 73 0.0079 126
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Table A.3.5: Haasen plot data for as-received (AR) strain-hardened 316L stainless steel at 0.6%
plastic strain amplitude. The red font color indicates data that were masked in the Haasen plots.

Specimen ID: AR3 A6 Specimen ID: AR5 A6
Stress Stress
True Stress Sensitivity of . . True Stress Sensitivity of . .
(MPa) the Strain éate b%/Aa Aa/ B (MPa) the Strain )ézate bY/Aa Aa/ D
(0Inép/dIno) (0Inép/dIno)
328.9 71 0.0060 166 479.9 72 0.0086 116
365.4 65 0.0072 138 310.3 72 0.0056 179
392.9 65 0.0078 129 253.7 104 0.0032 317
414.8 68 0.0079 126 399.9 71 0.0073 137
433.0 68 0.0082 122 348.7 66 0.0068 146
448.2 70 0.0083 121 376.8 68 0.0072 140
461.2 66 0.0090 111 418.7 74 0.0074 136
472.2 71 0.0086 116 434.5 78 0.0072 139
326.4 73 0.0058 172 448.2 74 0.0079 127
362.7 69 0.0068 146 459.8 77 0.0077 129
390.2 67 0.0076 132 469.7 69 0.0089 113
412.1 65 0.0082 122 478.0 69 0.0090 111
430.2 67 0.0084 119 477.8 69 0.0090 111
445.4 70 0.0083 121 252.1 79 0.0041 243
458.3 66 0.0089 112 308.6 69 0.0058 171
469.3 72 0.0084 119 346.6 65 0.0069 145
374.8 67 0.0073 137
397.7 73 0.0071 141
416.7 72 0.0075 134
4325 76 0.0074 135
446.1 77 0.0075 133
457.7 77 0.0077 129
467.6 69 0.0088 114
475.9 70 0.0088 113
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Table A.3.6: Haasen plot data for as-received (AR) strain-hardened 316L stainless steel at 0.6%
plastic strain amplitude. The red font color indicates data that were masked in the Haasen plots.

Specimen ID: AR10 A6 Specimen ID: AR11 A6
Stress Stress
True Stress Sensitivity of . . True Stress Sensitivity of N N
(MPa) the Strain ﬁate b%/Aa Aa/ B (MPa) the Strain )ézate bY/Aa Aa/ D
(0Inép/dIno) (0Inép/dIno)

262.2 136 0.0025 400 492.9 80 0.0080 125

317.7 70 0.0059 169 238.8 154 0.0020 497

355.5 67 0.0069 145 301.3 76 0.0051 194

384.1 69 0.0072 139 343.4 71 0.0063 159

407.1 70 0.0075 133 375.0 74 0.0066 152

426.1 72 0.0077 130 400.7 75 0.0069 144

442.3 73 0.0078 128 421.9 76 0.0072 139

455.9 70 0.0084 119 439.9 78 0.0073 137

467.6 76 0.0079 126 455.3 80 0.0074 135

477.6 69 0.0090 111 468.7 80 0.0076 131
480.0 80 0.0080 128
489.9 79 0.0080 125
449.0 70 0.0080 120
448.8 70 0.0080 120
272.5 103 0.0030 293

Table A.3.7: Haasen plot data for as-received (AR) strain-hardened 316L stainless steel at 0.8%
plastic strain amplitude. The red font color indicates data that were masked in the Haasen plots.

Specimen ID: AR7 A8 Specimen ID: AR8 A8
Stress Stress
True Stress Sensitivity of N N True Stress Sensitivity of . .
(MPa) the Strain )ézate biAa Aa/ B (MPa) the Strain )ézate b¥/Aa AaI D
(0Ingp/dIno) (0Ingp/dIno)
501.2 76 0.0086 117 518.3 72 0.0093 108
246.2 171 0.0019 536 269.9 120 0.0029 344
305.5 70 0.0056 177 326.7 72 0.0059 170
344.0 79 0.0057 177 364.7 68 0.0070 144
372.9 67 0.0072 139 392.4 70 0.0073 137
395.3 69 0.0074 135 414.2 71 0.0076 132
413.5 70 0.0076 131 432.1 72 0.0078 129
429.0 71 0.0078 129 447.2 74 0.0079 127
442.1 72 0.0079 126 460.1 74 0.0081 123
453.4 74 0.0080 125 471.3 73 0.0083 120
463.3 74 0.0082 122 480.7 82 0.0076 132
471.8 76 0.0081 124 489.4 76 0.0084 119
479.3 76 0.0082 122 496.7 72 0.0090 111
485.8 76 0.0083 120 503.0 77 0.0085 117
491.2 75 0.0085 118 508.4 70 0.0094 106
495.9 72 0.0089 113 512.8 71 0.0094 106
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Table A.3.8: Haasen plot data for H-precharged (PC) strain-hardened 316L stainless steel at
0.3% plastic strain amplitude. The red font color indicates data that were masked in the Haasen

plots.
Specimen ID: PC6 A3 Specimen ID: PC11 A3
Stress Stress
True Stress Sensitivity of . . True Stress Sensitivity of N N
(MPa) the Strain )I/?ate b?/Aa Aa/ D (MPa) the Strain )I/?ate b/Aa Aa/ D
(0lngp/dlno) (OIn€p/dlno)
529.3 59 0.0117 86 533.9 62 0.0112 89
352.0 67 0.0068 147 358.8 87 0.0053 188
388.8 72 0.0070 142 395.2 76 0.0067 148
418.7 61 0.0090 112 424.0 72 0.0076 131
443.0 60 0.0095 105 448.5 68 0.0085 117
464.3 60 0.0100 100 469.9 66 0.0093 108
483.7 60 0.0105 95 488.5 65 0.0097 103
500.2 58 0.0112 90 505.3 64 0.0102 98
514.7 62 0.0107 93 520.2 66 0.0102 98
527.6 61 0.0112 89 533.0 62 0.0111 90
527.8 59 0.0116 86 532.8 61 0.0112 89
350.0 81 0.0056 178 310.0 129 0.0031 321
387.6 76 0.0067 150 357.6 87 0.0054 187
416.4 67 0.0081 124 393.6 75 0.0068 146
440.9 68 0.0084 120 4229 63 0.0086 116
462.7 62 0.0097 104 4475 64 0.0091 110
481.1 67 0.0093 108 469.1 62 0.0098 102
498.2 63 0.0102 98 486.8 66 0.0096 104
513.1 61 0.0108 92 504.0 59 0.0110 91
518.5 63 0.0106 94
531.2 60 0.0114 88
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Table A.3.9: Haasen plot data for H-precharged (PC) strain-hardened 316L stainless steel at
0.4% plastic strain amplitude. The red font color indicates data that were masked in the Haasen

plots.
Specimen ID: PC3 A4 Specimen ID: PC7 A4
Stress Stress
True Stress Sensitivity of . . True Stress Sensitivity of N N
(MPa) the Strain )I/?ate b?/Aa Aa/ D (MPa) the Strain )I/?ate b/Aa Aa/ D
(0lngp/dlno) (OIn€p/dlno)
540.7 57 0.0123 82 544.6 53 0.0133 75
326.7 100 0.0042 237 329.7 72 0.0060 168
363.4 65 0.0072 138 365.6 64 0.0074 136
392.4 61 0.0083 121 394.8 65 0.0079 127
416.7 57 0.0094 106 418.9 58 0.0094 107
437.2 55 0.0103 97 440.0 53 0.0107 93
455.0 57 0.0103 97 4575 61 0.0097 103
471.2 58 0.0106 95 474.1 58 0.0106 94
485.5 59 0.0106 94 488.7 56 0.0113 89
498.3 54 0.0119 84 501.6 52 0.0125 80
510.1 56 0.0119 84 513.4 52 0.0129 78
520.7 53 0.0128 78 524.3 51 0.0133 75
538.7 55 0.0126 80 542.2 54 0.0129 78
538.2 54 0.0130 77 541.5 57 0.0123 81
324.6 82 0.0051 195 327.4 73 0.0058 171
360.6 71 0.0066 151 363.3 69 0.0068 147
389.8 60 0.0084 119 392.2 68 0.0075 134
4144 55 0.0097 103 416.9 54 0.0100 100
434.2 64 0.0088 114 437.1 56 0.0102 98
451.9 64 0.0092 109 455.2 56 0.0105 95
468.4 57 0.0106 95 471.3 58 0.0106 94
482.7 58 0.0107 93 485.8 57 0.0110 91
495.8 54 0.0120 84 498.7 53 0.0121 83
507.5 51 0.0128 78 510.6 51 0.0128 78
517.8 51 0.0131 76 521.0 51 0.0132 76
535.8 54 0.0129 77 539.2 54 0.0130 77
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Table A.3.10: Haasen plot data for H-precharged (PC) strain-hardened 316L stainless steel at
0.6% plastic strain amplitude. The red font color indicates data that were masked in the Haasen

plots.
Specimen ID: PC2 A6 Specimen ID: PC5 A6
Stress Stress
True Stress Sensitivity of . . True Stress Sensitivity of N N
(MPa) the Strain )I/?ate b?/Aa Aa/ D (MPa) the Strain )I/?ate b/Aa Aa/ D
(0lngp/dlno) (OIn€p/dlno)
557.3 51 0.0141 71 564.1 51 0.0143 70
307.7 78 0.0051 197 295.4 66 0.0058 174
371.0 52 0.0093 108 363.0 53 0.0089 113
412.9 50 0.0107 93 407.5 51 0.0103 97
4441 50 0.0114 88 440.9 52 0.0110 91
468.9 52 0.0117 85 467.2 55 0.0110 91
489.4 54 0.0118 85 489.7 54 0.0118 84
506.7 50 0.0130 77 508.4 53 0.0123 81
521.6 51 0.0133 75 524.5 50 0.0136 73
534.2 51 0.0137 73 538.0 51 0.0137 73
544.6 51 0.0138 73 549.7 50 0.0142 71
553.1 51 0.0141 71 558.9 50 0.0146 69
552.6 50 0.0142 71 558.2 51 0.0141 71
304.3 73 0.0054 185 291.8 62 0.0061 163
366.9 57 0.0083 120 358.7 48 0.0096 104
408.9 50 0.0105 95 402.4 54 0.0096 104
440.0 50 0.0113 88 435.7 55 0.0102 98
464.8 51 0.0117 86 462.4 53 0.0112 89
485.1 54 0.0117 85 484.2 56 0.0112 89
502.5 50 0.0130 77 503.0 56 0.0117 85
517.2 51 0.0131 76 518.9 55 0.0123 81
529.7 51 0.0134 74 532.4 52 0.0133 75
540.4 49 0.0144 69 543.9 51 0.0139 72
548.8 51 0.0140 72 553.2 51 0.0139 72
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Table A.3.11: Haasen plot data for H-precharged (PC) strain-hardened 316L stainless steel at
0.8% plastic strain amplitude. The red font color indicates data that were masked in the Haasen

plots.
Specimen ID: PC8 A8 Specimen ID: PC9 A8
Stress Stress
True Stress Sensitivity of . . True Stress Sensitivity of N N
(MPa) the Strain )I/?ate b?/Aa Aa/ D (MPa) the Strain )I/?ate b/Aa Aa/ D
(0lngp/dlno) (OIn€p/dlno)
578.9 50 0.0150 67 590.8 50 0.0154 65
266.5 63 0.0055 182 294.8 79 0.0048 207
338.8 46 0.0095 105 361.4 54 0.0087 115
385.5 45 0.0111 90 405.6 46 0.0114 88
418.3 52 0.0104 96 4375 48 0.0118 85
445.2 51 0.0112 89 462.9 48 0.0125 80
467.4 50 0.0121 83 483.6 50 0.0125 80
485.5 55 0.0115 87 501.2 50 0.0128 78
501.8 53 0.0123 81 515.8 51 0.0132 76
515.7 52 0.0128 78 529.0 49 0.0140 72
528.1 52 0.0131 76 540.5 49 0.0142 70
538.5 55 0.0128 78 550.3 51 0.0141 71
547.9 54 0.0131 76 558.8 50 0.0144 69
556.0 51 0.0140 71 566.1 51 0.0144 70
562.8 50 0.0146 69 571.9 51 0.0144 69
568.4 48 0.0153 66 576.5 50 0.0148 68
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Table A.3.12: Haasen plot data for annealed CrMnFeCoNi high entropy alloy at 0.3% plastic
strain amplitude. The red font color indicates data that were masked in the Haasen plots.

Specimen ID: HEA20 A3

Specimen ID: HEA25 A3

Stress Stress
True Stress Sensitivity of . . True Stress Sensitivity of N N
(MPa) the Strain éate b%/Aa Aa/ B (MPa) the Strain )ézate bY/Aa Aa/ D
(0Inép/dIno) (0Inép/dIno)

318.3 93 0.0045 223 333.9 84 0.0052 193
207.0 154 0.0018 566 248.4 81 0.0040 249
232.0 95 0.0032 313 267.2 88 0.0040 251
251.0 103 0.0032 312 283.4 86 0.0043 232
267.3 95 0.0037 271 296.6 88 0.0044 227
281.3 87 0.0043 234 308.4 90 0.0045 222
293.1 87 0.0044 226 318.4 87 0.0048 209
303.1 89 0.0045 225 326.7 89 0.0048 208
311.5 93 0.0044 228 333.7 85 0.0052 193
318.4 91 0.0046 219 333.4 86 0.0051 196
207.2 183 0.0015 673 247.7 94 0.0035 288
231.6 103 0.0030 339 266.6 99 0.0036 282
251.3 85 0.0039 258 282.4 93 0.0040 251
267.2 91 0.0039 258 296.0 91 0.0043 233
280.9 91 0.0041 247 307.6 87 0.0046 216
292.8 87 0.0044 225 317.7 88 0.0047 212
303.0 92 0.0043 230 326.0 90 0.0048 210
311.3 90 0.0046 220 332.9 86 0.0051 197
318.4 94 0.0044 226
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Table A.3.13: Haasen plot data for annealed CrMnFeCoNi high entropy alloy at 0.4% plastic
strain amplitude. The red font color indicates data that were masked in the Haasen plots.

Specimen ID: HEA23 A4 Specimen ID: HEA40 A4
Stress Stress
True Stress Sensitivity of . . True Stress Sensitivity of . .
(MPa) the Strain éate b%/Aa Aa/ B (MPa) the Strain )ézate bY/Aa Aa/ D
(0Inép/dIno) (0Inép/dIno)
342.2 86 0.0052 192 342.3 84 0.0053 188
217.7 92 0.0031 322 213.2 104 0.0027 372
240.8 91 0.0035 289 237.0 88 0.0035 284
258.6 93 0.0037 274 255.0 80 0.0042 239
273.3 87 0.0041 243 270.2 79 0.0045 224
285.6 88 0.0043 235 283.1 79 0.0047 212
296.3 86 0.0045 221 294.0 79 0.0049 205
305.8 84 0.0048 210 303.9 78 0.0051 195
314.1 84 0.0049 203 312.5 80 0.0051 195
321.4 84 0.0050 200 320.1 84 0.0050 200
327.7 84 0.0051 196 327.0 83 0.0052 193
333.2 85 0.0052 194 333.0 82 0.0053 187
342.0 86 0.0052 192 342.2 88 0.0051 195
341.9 86 0.0052 192 342.3 83 0.0054 185
217.3 103 0.0028 362 213.5 107 0.0026 382
240.3 94 0.0034 297 237.2 86 0.0036 275
258.1 92 0.0037 272 255.3 77 0.0043 231
272.6 94 0.0038 262 270.4 75 0.0047 211
285.1 90 0.0041 241 282.9 78 0.0048 210
295.8 87 0.0045 224 294.0 80 0.0049 206
305.3 83 0.0048 208 303.7 81 0.0049 204
313.6 84 0.0049 204 312.7 78 0.0052 191
320.9 83 0.0051 197 320.2 81 0.0052 192
327.3 86 0.0050 199 327.0 82 0.0052 192
332.8 87 0.0050 199 332.8 85 0.0051 195
341.6 84 0.0053 188 342.2 85 0.0053 189
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Table A.3.14: Haasen plot data for annealed CrMnFeCoNi high entropy alloy at 0.6% plastic
strain amplitude. The red font color indicates data that were masked in the Haasen plots.

Specimen ID: HEA24 A6 Specimen ID: HEA38 A6
Stress Stress
True Stress Sensitivity of . . True Stress Sensitivity of N N
(MPa) ﬂmSUdnﬁMe b%/Aa Aa/ B (MPa) tMSUﬂn%M@ bY/Aa Aa/ D
(0Inép/dIno) (0Inép/dIno)
373.5 83 0.0059 169 378.3 82 0.0061 165
188.5 194 0.0013 782 202.0 176 0.0015 663
243.0 83 0.0038 261 255.5 81 0.0042 241
275.4 89 0.0041 247 287.9 77 0.0049 203
298.6 83 0.0047 212 310.4 80 0.0051 196
316.6 79 0.0052 191 327.6 80 0.0054 185
330.9 80 0.0055 183 341.1 81 0.0055 181
342.7 82 0.0055 182 351.9 82 0.0056 178
352.6 82 0.0057 177 360.8 83 0.0057 176
360.9 82 0.0058 173 367.9 83 0.0058 172
367.6 83 0.0058 173 373.6 86 0.0057 175
372.8 82 0.0060 167 378.1 82 0.0060 166
187.4 410 0.0006 1663 200.4 206 0.0013 780
241.6 84 0.0038 265 254.7 81 0.0041 242
274.2 91 0.0040 252 287.3 77 0.0049 203
297.7 81 0.0048 207 310.1 79 0.0051 195
315.6 79 0.0052 192 327.3 81 0.0053 188
330.0 80 0.0054 184 341.0 79 0.0056 177
341.9 81 0.0055 180 351.9 81 0.0057 176
351.8 83 0.0056 179 360.8 84 0.0056 178
360.1 83 0.0057 176 368.0 85 0.0057 177
366.9 81 0.0059 169 373.8 83 0.0059 170
372.3 84 0.0058 173 378.3 83 0.0060 167
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