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Abstract

Investigating the role of grain boundary structure on the thermal and mechanical

behavior of nanocrystalline metals

by

Glenn Hunter Balbus

Nanocrystalline metals exhibit exceptional mechanical properties, such as high strength

and wear resistance, and are actively being investigated for use in high performance

structural applications. The ubiquitous use of nanocrystalline alloys in engineering ap-

plications is currently limited by two intrinsic material instabilities: rampant, thermally

induced grain growth; and catastrophic shear localization during plastic deformation.

These instabilities, which originate in the high concentration of grain boundaries and cor-

responding structural disorder present in nanocrystalline metals, prevent the widespread

use of these alloys, especially in mission- or safety-critical applications. However, out-

standing questions remain regarding the precise role of grain boundary structure on these

instabilities, presenting an exciting opportunity to enable their use.

Using both targeted processing and interface aware alloying strategies, the role of

grain boundary structure and chemistry on these instabilities will be explored. Exper-

iments suggest that ultrafast (fs) laser processing provides tunability of the mechanical

behavior of nanocrystalline metals by selectively modifying grain boundaries. The degree

of tunability is sensitive both to local chemistry and initial relaxation state, suggesting

that laser processing increases the energy of the grain boundaries, akin to rejuvenation

processing in amorphous metals.

A nanocrystalline aluminum alloy, doped with nickel and cerium, was developed to

investigate the chemical and structural effects of multicomponent alloying. The Al-Ni-Ce

viii



alloy exhibits extremely desirable mechanical properties, including high hardness, tunable

shear localization behavior, and strength retention at elevated temperature; as well as

excellent microstructural stability. The origin of these desirable attributes is explored

using ex- and in-situ diffraction experiments, which suggest the topological disordering

of grain boundary regions during processing imparts thermal stability and strength at

temperature. These results collectively underscore that grain boundary structure plays

a deterministic role in the instabilities associated with nanocrystalline metals, providing

novel strategies for alloy design and processing to circumvent these behaviors.
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Chapter 1

Introduction

The development of high strength, polycrystalline metallic materials has enabled tech-

nological advances since prehistoric times [1, 2]. Early metallurgical developments, such

as alloying copper with arsenic or tin to produce bronze, are not altogether different

than the technological advancements that have enabled high performance jet engines in

recent years. What differentiates modern day technological developments is our ability

to precisely control alloy chemistry and processing, and, hence, the microstructure and

properties of materials [3]. Specifically, the ability to control the size, distribution, and

orientation of crystalline domains - known as grains - within a material is extremely

important for controlling a wide range of properties of metals, including strength and

ductility [4–7], high temperature mechanical behavior [3], wear [8], and formability [9].

Materials processing techniques to reduce the grain size are particularly important

for producing materials with high strength and wear resistance [4–8]. Nanocrystalline

metals, those with grain sizes less than 100 nm, are among the highest strength alloys to

date [10]. These materials exhibit a suite of additional desirable properties including good

wear resistance [8], fatigue behavior [11,12], radiation tolerance [13], as well as interesting

electrical and thermal properties [14–17]. Nanocrystalline metals have received extensive

1



Introduction Chapter 1

study since the late 1980s due to the advent of processing techniques such as inert gas

atomization, which enabled their fabrication in sufficient volumes for characterization

[18]. While the primary interest in nanocrystalline metals originated from their high

strength, researchers found that as the grain size approaches the nanoscale, the physical

properties of these metals cannot readily be explained by extrapolating our understanding

of coarse grained materials.

Due to highly non-equilibrium synthesis methods, large volumes of interfacial material

between neighboring grains (e.g. grain boundaries), and unique deformation physics,

nanocrystalline metals exhibit instabilities that limit their use in structural applications.

Two of the most problematic instabilities present in nanocrystalline metals are their

high propensity for (1) shear localization during mechanical loading and (2) thermally

induced microstructural coarsening, both of which have been reported extensively in

the literature. Our current understanding of these instabilities and our ability to design

against them are extremely limited, precluding the development of stable nanocrystalline

metals for use in demanding engineering applications.

1.1 Mechanical behavior of nanocrystalline metals

1.1.1 Overview and the Hall-Petch relationship

The mechanical behavior of nanocrystalline metals has been studied extensively over

the past thirty years [10, 12, 19]. While much of the early interest in nanocrystalline

metals was motivated by the well-known Hall-Petch [4,6] relationship, which established

an inverse relationship between strength and the square root of the grain size (Equation

1.1), it was quickly realized that such a relationship does not hold for materials with

2



Introduction Chapter 1

extremely fine grain sizes [20,21]. The Hall-Petch relationship is:

σy = σ0 +
k√
d

(1.1)

where σy is the yield strength, σ0 is a frictional stress or intrinsic resistance to dislocation

motion, k is a material parameter, and d is the grain size. While primarily phenomeno-

logical, the classical mechanistic interpretation of the Hall-Petch relationship hinges on

the pile-up behavior of dislocations at grain boundaries. Dislocations are extended line

defects in a lattice that are responsible for many physical phenomena in crystalline ma-

terials, including their mechanical behavior [22]. This traditional explanation of the

Hall-Petch relationship suggests that as newly generated dislocations impinge on a grain

boundary, they produce a back stress on subsequent dislocations moving towards the

grain boundary, hindering their motion. As the grain size decreases, the pile-up spacing

becomes smaller and the overall stress required to deform the material increases. While

this mechanistic interpretation is frequently invoked, several other mechanistic interpre-

tations of the Hall-Petch relationships invoking dislocation-dislocation interactions have

been demonstrated in the literature to correctly predict the Hall-Petch scaling [20].

As grain sizes are reduced to the nanocrystalline regime and the pile-up spacing

approaches the grain size, the Hall-Petch relationship fails to accurately predict the

increase in strength due to further grain refinement. In metals with grain sizes between

50-100 nm [19], and in some cases even finer grained systems [23], the increase in strength

is better approximated by:

σy = σ0 +
k1

d
(1.2)

where σy exhibits a simple inversely proportional relationship with the grain size d. This

change in strengthening behavior is an indication of the unique deformation physics
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and dislocation behavior within nanocrystalline grains, which is illustrated in Figure

1.1. Legros et al. [24] demonstrated that nanocrystalline metals often do not contain

grains large enough for a typical Frank-Read dislocation source to be energetically sta-

ble. This calculation suggests that the dislocation-back-stress mechanistic explanation

of the Hall-Petch relationship likely no longer applies to these materials. Transmission

electron microscopy (TEM) investigations on a variety of nanocrystalline metals further

corroborate the supposition that residual dislocation content is only stable (and thus,

observable) in large grains (> 50 nm) [10]. In-situ deformation experiments provide

additional confirmation that dislocations in nanocrystalline metals, while operative, are

extremely unstable and move rapidly between nearby grain boundaries [25]. These obser-

vations and calculations suggest that the mechanical behavior of nanocrystalline metals

cannot be explained using conventional dislocation plasticity in coarse grained materials.

a

H-P 1/d

b

Figure 1.1: Regimes of grain size dependence on strengthening behavior. a, adapted
from [10], with permission from Elsevier. b, Normalized increase in strength vs inverse
square root of grain size. Yellow shaded area indicates the difference between the Hall-
Petch expected strengthening and actual strengthening due to change in deformation
mechanisms in nanocrystalline metals. Red shaded area demonstrates the range of prop-
erties within the ’inverse Hall Petch’ regime, which are extremely sensitive to processing.
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1.1.2 Nanocrystalline deformation mechanisms

As traditional dislocation sources are energetically unstable and dislocations cannot

be stored in the grain interiors, dislocation-dislocation interactions no longer govern the

mechanical behavior of materials with grain sizes in the nanocrystalline regime. In ma-

terials with grain sizes too small to store dislocation content, it has been demonstrated

using in-situ TEM and molecular dynamics (MD) simulations that the fundamental de-

formation process is generally governed by the nucleation, propagation, and absorption

of dislocations at grain boundaries [25–27]. The transition from conventional dislocation

plasticity in coarse grained metals to dislocation-grain boundary plasticity in nanocrys-

talline metals is shown schematically in Figure 1.2. The transition in underlying defor-

mation physics suggests many of the well-studied phenomena in coarse grained materials

are not present in nanocrystalline metals. A prime example of this mechanistic transition

is the absence of forest dislocation hardening, which gives rise to pronounced work hard-

ening and macroscopic ductility in coarse grained metals, in nanocrystalline metals [10].

The simple inverse relationship between strength and grain size in Equation 1.2 pro-

vides additional mechanistic insight into the transition in deformation behavior from

the interactions between dislocations in coarse grained materials and that between dis-

locations and grain boundaries in nanocrystalline metals. The apparent strengthening

caused by reductions of the grain size in the 20 - 50 nm regime can be explained by

the behavior of dislocations as they traverse the grain interior during plastic deforma-

tion. While dislocation nucleation does play an important role during the deformation

of nanocrystalline metals [26], the propagation of dislocations is the thermally activated,

rate limiting step [28, 29]. As the dislocation advances, shown schematically in Figure

1.2b, it must effectively ’un-pin’ itself along the grain boundary in order to move and

accommodate the imposed strain [26]. This behavior is similar to a conventional Orowan
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Figure 1.2: Nanocrystalline deformation mechanism schematic. a) Conventional dislo-
cation plasticity in coarse grained material consisting of a Frank-Read source leading to
dislocation-dislocation interactions. b) Left, relative scale of nanocrystalline grain rela-
tive to coarse grain in a containing Frank-Read source. Right, nanocrystalline dislocation-
based deformation, where dislocation segments are pinned at their ends at the grain
boundaries. The second dislocation propagation step demonstrates a non-symmetric
pinning due to the atomistics of the grain boundary.

bowing stress, which relates the stress required to move a dislocation through an array

of unshearable particles to the average spacing of the particles [30]. The Orowan bow-

ing mechanism exhibits a simple inverse relationship between strength and the distance

between particles, giving a physical explanation for the relationship between grain size

- i.e. the distance between dislocation pinning points - and strength for nanocrystalline

metals in this grain size regime [31]. This mechanistic behavior can also explain the

prominent role of alloying on the strength of nanocrystalline metals, as varying atomic

species at grain boundaries can significantly alter the pinning behavior of dislocations as

they propagate across the grain interior [32].

Further reductions in grain size promote the operation of unusual deformation mecha-

nisms, such as grain boundary sliding [33], grain rotation [34], deformation twinning [35],

and atomistic shuffling [36,37]. These mechanisms are often grouped into two categories:

(1) grain boundary mediated deformation mechanisms, which encompasses all intergran-
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ular deformation mechanisms such as grain boundary sliding, rotation, atomistic shuf-

fling, etc., and (2) dislocation mediated deformation mechanisms. This terminology is

misleading, as dislocation mediated plasticity in nanocrystalline metals is governed by

dislocation-grain boundary interactions. Therefore, it is useful to differentiate deforma-

tion mechanisms that involve intragranular accommodation (i.e. conventional dislocation

plasticity) and those that involve intergranular accommodation (sliding, shuffling, etc.)

explicitly. Intergranular deformation mechanisms (grain boundary mediated) are opera-

tive in nanocrystalline metals where conventional intragranular dislocation plasticity is

suppressed and become particularly important in materials with grain sizes of 20 nm

or less, given the large volume fraction of interfacial material [38]. Some researchers

have even postulated that intergranular deformation mechanisms are responsible for the

numerous reports of softening - the so-called ’inverse’ Hall-Petch relationship shown in

Figure 1.1 - observed when materials in this regime undergo additional reductions in

grain size [21,23,39].

Mechanistically, many of these intergranular deformation mechanisms involve local

atomic shuffling at grain boundaries, a feature researchers have compared to the underly-

ing deformation behavior of amorphous materials [36,40]. Such localized atomic shuffling

is often initiated at smaller strains and requires lower levels of stress to be active compared

to dislocation-mediated plasticity [40,41]. The lower stress level required to trigger these

mechanisms is argued to give rise to the softening reported in very fine grained nanocrys-

talline metals [41]. Deformation involving atomic shuffling at grain boundaries is shown

in Figure 1.3, where atomic shuffling was observed immediately after yielding during MD

simulations of nanocrystalline Ni deformed under tension [40].

Researchers have suggested that the localized underlying deformation processes give

rise to the extreme processing sensitivity observed in nanocrystalline metals [21, 42–44].

The localized atomic rearrangements that underlie these deformation mechanisms can
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occur with little thermal or mechanical energy, and may evolve unexpectedly during

seemingly ’mild’ processing, such as low temperature annealing or mechanical cycling.

Macroscopically, deformation involving localized atomic shuffling can be deleterious, of-

ten giving rise to early onset strain localization and premature failure [21, 42, 45]. The

large volume fraction of grain boundaries, coupled with easily triggered, localized defor-

mation mechanisms allow strain to readily localize and cause catastrophic failure [42,46].

This behavior is known as shear localization or shear banding, and is frequently ob-

served in nanocrystalline metals with grain sizes less than 20 nm [21, 42, 45]. Pillar

compression experiments presented in Figure 1.4 demonstrate the significant impact of

intergranular deformation mechanisms on shear band formation and premature failure in

nanocrystalline materials with very fine grain sizes [42]. This localization behavior can

also be understood from a mechanics perspective, where the operation of many defor-

mation mechanisms in concert is necessary to maintain compatibility of the polycrystal.

Any individual intergranular deformation mechanism, like grain boundary sliding [33]

for instance, acting alone would not allow for compatibility to be satisfied. However, as

there are many of these intergranular deformation mechanisms which are both localized

and triggered at low levels of stress, once yielding begins in one region of the sample,

it can readily propagate in a narrow band, causing premature failure via shear banding.

This is in contrast to intragranular dislocation plasticity in conventional metals, which

inherently satisfies compatibility and often results in more uniform deformation behavior.

1.1.3 Grain boundary structure and mechanical properties

The atomistic structure of grain boundaries plays an increasingly important role in

determining the deformation behavior in nanocrystalline metals when intergranular de-

formation mechansisms are prominent. This is especially evident in the propensity for
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a b

Figure 1.3: Atomic rearrangements observed at grain boundaries during MD simulations
of mechanical deformation of a 3 nm average grain size sample of Ni. a, 3 nm average
grain size simulation cell. Grain interiors are darker compared with grain boundary
regions. b, Localized atomic rearrangements immediately after the onset of macroscopic
yield. Reprinted Figures 1 and 3 from [40] with permission by the American Physical
Society.

shear localization, which is sensitive to the thermal history and degree of relaxation of

the grain boundaries [13, 47–49]. For materials with grain sizes between 20 - 50 nm,

imperfections such as steps, kinks, and ledges at grain boundaries can act as stress

concentrations, markedly affecting the nucleation and propagation of (partial) disloca-

tions [26]. Experimentally, the evolution of grain boundary defects is argued to give rise

to unusual processing effects present in nanocrystalline metals. A prominent example

of this is ’relaxation’ strengthening: hardening observed after low temperature anneal-

ing of nanocrystalline metals with no significant microstructural evolution or chemical

enrichment of the boundary [43, 50]. This behavior is shown in Figure 1.5a,b, where

the authors compared an as-refined nanocrystalline 316L stainless steel to an annealed

condition, and found that the increase in hardness was due to the annihilation of grain

boundary defects, rather than chemical enrichment of the boundary [50]. The motion of

grain boundary defects, also known as disconnections, has been argued to underpin relax-
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e

b ca

d

Figure 1.4: Evidence of shear localization in very fine grained nanocrystalline metals,
as well as effect of initial grain size. a, Stress strain curves from as-deposited Ni-W
samples. b, c, Deformed as-deposited Ni-W pillars with 5 nm average grain demonstrating
the formation of several shear bands, also evident in the stress strain curve. d, Stress
strain curve from annealed Ni-W pillars with 5 nm average grain size, demonstrating
increased strength relative to the as-deposited condition. The annealed samples also
exhibit negligible plasticity. e, Annealed, deformed 5 nm grain size pillar. The annealed
sample exhibits catastrophic failure after the formation of a single shear band, whereas
the as-deposited 5 nm sample exhibits several shear bands prior to failure. Reprinted
from [42], with permission from Elsevier.

ation hardening and other unique phenomena in nanocrystalline metals, such as stress-

assisted grain growth [51–55]. Disconnections are (bi)crystallographic defects confined

to a grain boundary that consist of both dislocation content (b) and step height (h) [54],

schematically represented in Figure 1.5c. The role of disconnections on stress-assisted

grain growth can be readily seen by the disconnection pair in Figure 1.5c [54]. Under an

applied shear stress (positive sense, which would result in the unconstrained black lattice

being displaced to the right), the distance between the disconnections would enlarge,

effectively increasing the area of white lattice by height h. Researchers demonstrated

the importance and ubiquitous presence of disconnections in coarse grained materials as

well, whose motion underpins many fundamental behaviors of grain boundaries, such as
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grain growth [56], triple point motion [57], and others [54, 58].

cba

Figure 1.5: a, b, Hardness measured after annealing of a HPT refined nanocrystalline
316L stainless steel reproduced from [50]. c, Schematic of a disconnection pair at a
bicrystal interface. Reprinted from [54], with permission from Elsevier.

In nanocrystalline metals with grain sizes below 20 nm, not only do grain bound-

ary defects (i.e. disconnections) play an important role, but the structure of the grain

boundary core itself also affects the macroscopic behavior of these materials. In con-

trast to grain boundaries with discrete disconnections, the atomistic structure of planar,

disconnection-free grain boundaries can vary significantly. MD simulations have been

used to study the effects of non-equilibrium grain boundary core structures on many

physical phenomena, primarily the mechanical behavior [13, 47, 49, 59]. These studies

use several approaches to generate a range of planar metastable grain boundary struc-

tures with fixed macroscopic degrees of freedom, such as varying the local atomic density

of the grain boundary plane [54], displacing one grain relative to another by less than

one unit cell [47], or other less intuitive algorithmic approaches [59, 60]. These stud-

ies illustrate that high energy, non-equilibrium grain boundary core structures promote

intergranular deformation mechanisms, such as uncoordinated atomic shuffling at grain

boundaries [61–64] and grain boundary sliding [33]. Researchers have experimentally

observed several distinct grain boundary atomistic structures coexisting within a single

grain boundary of a coarse grained material [65], reproduced in Figure 1.6 to illustrate
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the presence of multiple grain boundary core structures in the absence of disconnection

content. This multiplicity of grain boundary core structures has been argued to play

a role in diffusional and other macroscopic properties of coarse grained polycrystalline

metals as well [66].

Figure 1.6: High resolution scanning electron microscopy image demonstrating the co-
existence of two grain boundary core structures in Cu. The defect separating these two
structures can be thought of as an anti-phase boundary line within the grain boundary.
Reprinted with permission from Springer Nature [65].

Simulations of nanocrystalline metals with grain sizes below 10 nm have often reported

multiple unusual grain boundary structures, however experimental characterization has

remained elusive [36, 40,44]. Nevertheless, grain boundary structure governs mechanical

properties in the limit of small grain sizes, where atomistic shuffling [36] and other ex-

tremely localized intergranular deformation mechanisms dominate [23]. Extensive work

on Ni-, Cu-, and Fe-based nanocrystalline alloys have shown that relaxation processing

techniques, such as low temperature annealing and mechanical cycling with amplitudes
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well below the global yield stress, isochemically relax grain boundary regions, causing an

increase in strength with no modifications to grain size or grain interiors [23,36,43,44,50].

These processes reduce the grain boundary energy in these systems through the struc-

tural relaxation of non-equilibrium grain boundaries or the reduction in grain boundary

defects [15, 44, 47]. Decreases in grain boundary energy or interfacial defect content in-

crease the activation barrier to initiate plasticity, effectively increasing the strength of

these relaxed nanocrystalline metals [67]. This behavior is demonstrated in the pillar

compression experiments presented in Figure 1.4a,d, where low temperature annealing

increases the yield strength, and in Figure 1.5 where annealing increases the hardness of

the 316L sample. Figure 1.4 also demonstrates the significant effects of relaxation pro-

cessing on deformation morphology. The annealed samples (Figure 1.4d) exhibit fewer

operative shear bands compared to the as-deposited material (Figure 1.4b,c), which re-

sults in catastrophic failure with negligible plasticity.

The local chemistry of grain boundaries can also dramatically affect the mechani-

cal properties of nanocrystalline alloys. Experiments and MD simulations have demon-

strated that the presence of various atomic species at grain boundaries may serve as

pinning or de-pinning points, affecting the ability of dislocations to traverse nanocrys-

talline grains [32, 68]. Rupert [68] demonstrated that this behavior depends strongly

on the particular chemical species at the boundary, as well as the exact position of the

solute in the grain boundary. Other MD studies have emphasized the effects of chemical

segregation on grain boundary energy, which promote overall strength and dislocation-

mediated deformation [67,69,70]. Lohmiller et al. showed that intragranular deformation

mechanisms were promoted over intergranular mechanisms in alloyed systems vs. pure

metals [41]. Furthermore, these authors observed that stress assisted grain growth, which

occurred in the pure elemental system investigated, was suppressed by alloying. Other

studies have noted the same behavior in systems with high concentrations of alloying
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additions or impurities, suggesting that the presence of solute atoms at grain boundaries

either eliminates grain boundary defects or hinders their motion [23,70–72]. Chemical and

structural effects may also occur in concert, wherein solute segregation to grain bound-

aries has been shown to drive structural transformations at the grain boundary [66, 73].

These grain boundary structural transitions have dramatic effects on the properties of

these materials, greatly enhancing ductility and thermal stability of several Cu- and

Ni-based nanocrystalline alloys [73–76]. These reports collectively underscore the no-

tion that the local atomic structure at grain boundaries plays a crucial role during the

deformation of nanocrystalline metals.

1.2 Similarities to metallic glasses

Sensitivity to thermomechanical history and abundant structural disorder (i.e. low

atomic coordination at grain boundaries) in nanocrystalline metals is reminiscent of fully

amorphous metals or metallic glasses which are often described as the limit of grain

refinement [77,78]. Metallic glasses are metals lacking long range, periodic atomic struc-

ture [79]. Their unique combination of amorphous structure and metallic bonding impart

many desirable properties, such as high strength, large elastic limit, low damping [80,81],

and interesting magnetic properties [82,83]. Many researchers have noted similarities be-

tween the thermo-kinetic [84] and mechanical behavior of nanocrystalline metals and

metallic glasses [21,36,40,42–44,77,78,85], such as pressure dependent yielding [36] and

strong shear localization [42]. Many of these arguments arise from the similarity between

the atomic structure of grain boundaries, whose atoms are inherently under-coordinated

compared to those residing within the grain interiors, and the atomic structure in the

bulk amorphous state. While such comparisons may not hold for the structure of grain

boundaries that exhibit special, well ordered configurations [86], even well-ordered grain
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boundaries can exhibit many metastable energetic configurations with fixed macroscopic

degrees of freedom [47]. This large range in grain boundary energies accessible through

micro-degrees of freedom is shown in Figure 1.7b for silicon (Si) [47]. The large degree

of metastability of grain boundaries likely underpins the extreme processing sensitivity

in nanocrystalline metals. This intrinsic metastability likely also gives rise to the sim-

ilarities to metallic glasses, which are inherently metastable owing to their amorphous

structure.

a b

Figure 1.7: Grain boundary metastability observed during bicrystal MD simulations
in [47]. a, simulation setup demonstrating micro-degree-of-freedom t - relative displace-
ment of the grain boundary in e2 direction. b, Simulated grain boundary energies as a
function of misorientation. The red curve illustrates the non-equilibrium ensemble aver-
aged grain boundary energy, whereas the blue and green curves are the minimum and
equilibrium ensemble averaged grain boundary energies, respectively. The orange shaded
region illustrates the broad range of grain boundary energies accessible via micro-degrees-
of-freedom. Reprinted from [47], with permission from Elsevier.

Another way to view the apparent similarities between nanocrystalline metals and

metallic glasses is to examine the degree of stored enthalpy each material can contain.

This is shown in Figure 1.8, which is divided into three sections: coarse grained metals,

nanocrystalline metals, and metallic glasses. Coarse grained metals exhibit the smallest
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amount of stored enthalpy; it is only attained through severe plastic deformation such as

cold rolling which increases the defect content of the alloy and the corresponding stored

enthalpy [87]. Coarse graned metals subjected to conventional processing can exhibit

stored enthalpies of 1-2% of their melting enthalpies (0.1-1 kJ mol−1). Nanocrystalline

metals, due to the high volume of grain boundaries and inherent metastability of these

boundaries, exhibit substantially higher stored enthalpies compared to coarse grained

metals [47,88,89], with a maximum stored enthalpy of ≈ 30-35% of their melting enthalpy

(7-10 kJ mol−1). Metallic glasses exhibit the highest degree of stored enthalpy. Due to

their highly liquid-like structure, the stored enthalpy of metallic glasses can approach that

of their melting enthalpy after extreme processing such as ion irradiation [87,90,91]. The

trend present in Figure 1.8 shows that through the introduction of structural disorder, the

degree of stored enthalpy available increases concomitantly. This disorder can be manifest

in different forms: dislocation based in coarse grained metals, grain boundary related

in nanocrystalline metals, or uniformly structural in amorphous metals. Furthermore,

in systems with a large degree of stored enthalpy, processing sensitivity becomes much

larger, and is directly related to the degree of stored enthalpy. This is evident by the large

capacity for stored enthalpy accessible to both nanocrystalline metals and metallic glasses

compared to coarse grained metals, as well as the numerous processing routes available

to tailor the degree of stored enthalpy. Such processing sensitivity can be viewed as

either advantageous for its high tailorability or detrimental due to lack of predictability

of material properties.

Despite the numerous similarities between these two material classes, commonalities

in the thermomechanical history and processing dependence between nanocrystalline met-

als and metallic glasses have received little attention. Mechanical properties of metallic

glasses show a strong history dependence, where a more relaxed - i.e. a lower energy

atomic configuration - glass has a higher yield strength and propensity for shear local-
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Figure 1.8: Stored enthalpy normalized by the melting enthalpy for metallic glasses,
nanocrystalline metals, and coarse grained metals. Calculations were largely based on [87]
for metallic glasses and coarse grained metals. Both experimental analyses of excess
enthalpy, and estimates based on changes in mechanical properties (see [91]) were used for
nanocrystalline excess enthalpies. Baseline values were also estimated by grain boundary
volume fractions and corresponding grain boundary enthalpies [15].

ization [92]. Conversely, a more rejuvenated - i.e. higher in energy, more liquid-like -

glass exhibits increased ductility with a lower yield strength [93]. Processing routes used

to modify the energy of a metallic glass to exploit tunable properties have been studied

extensively, notably to facilitate homogeneous plasticity at room temperature [93–98].

Relaxation processing routes are similar to those for nanocrystalline metals - low tem-

perature annealing [92] and cyclic mechanical loading [99] both produce increases in yield

stress and modulus of a metallic glass. Rejuvenation processes, largely unique to metallic

glasses, include severe plastic deformation [94], and cryogenic cycling [95]. These pro-

cessing routes induce local dilatational strains, producing structural modifications that
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decrease the yield strength and modulus but increase the ductility of the metallic glasses.

All of these processing routes are included in Figure 1.8, with arrows corresponding to

the directional change in stored enthalpy. Rejuvenation of a metallic glass correlates

with increases in free volume, stored enthalpy, and fictive temperature, but can more

meaningfully be defined as an increase in energy of the system [87,93–98]. The scientific

understanding of rejuvenation processing and the physical properties of metallic glasses

broadly have been greatly aided in recently years by potential-energy-landscape (PEL)

analysis. In essence, the PEL is a description of the local energetic configurations of the

glass with numerous metastable basins with different total and relative energies owing

to the local atomistic structural motifs present in the material. These metastable tran-

sitions between motifs exhibit a broad spectrum of activation and relaxation energies

which give rise to many of the unusual thermal properties of metallic glasses [100]. PEL

analysis has greatly advanced structure-processing-properties relationships in metallic

glass, as it enables a compact description of the effects of non-equilibrium processes,

such as rapid quenching, annealing, and even mechanical deformation [100–103]. From

a practical metallurgical perspective, PEL analysis of metallic glasses has informed pro-

cessing techniques and enabled rejuvenation processing which has effectively mitigated

many mechanical instabilities present in metallic glasses [87].

Rejuvenation processing has broadened applicability of metallic glasses by enabling

precise control of mechanical properties via processing - promoting ductility and stable

plastic deformation at room temperature in alloys that typically exhibit severe shear

band formation and catastrophic failure. Nanocrystalline metals exhibit similar mechan-

ical instabilities that limit their use and have a high degree of processing sensitivity.

Therefore, the potential of rejuvenation processing routes to enhance their properties,

particularly in mitigating catastrophic shear localization, is tantalizing. Despite these

strategies being recently employed for metallic glasses, to date only one processing strat-
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egy, which involves femtosecond laser processing and annealing, has been identified that

can bi-directionally tailor the state of grain boundaries. This strategy, the the subject of

Chapter 3 of this thesis, represents a promising opportunity to enhance the properties of

nanocrystalline metals by applying lessons in the metallic glass community.

1.3 Thermal behavior of nanocrystalline metals

While there are numerous similarities between the mechanical behavior of metallic

glasses and nanocrystalline metals, the amorphous structure of metallic glasses that en-

ables their unique properties renders them susceptible to crystallization, which severely

limits their use in engineering applications. Nanocrystalline metals offer many of the ad-

vantages of metallic glasses and can also withstand significantly higher temperatures due

to their crystalline domains. Nevertheless, the presence of large interfacial volumes be-

tween these crystalline domains can render nanocrystalline metals susceptible to thermal

coarsening, but several alloy design strategies have been largely successful in mitigating

these thermal instabilities.

1.3.1 Thermodynamics of nanocrystalline metals

Understanding the thermodynamics and kinetics of grain growth and their respective

driving forces are essential for mitigating thermal instabilities in nanocrystalline metals.

For a closed system, the change in internal energy (dU) at a constant temperature (T ),

pressure (P ), and chemical potential (µ) is a function of the change in entropy (dS),

volume (dV ), number of atoms (dN), and interfacial area (dA):

dU = TdS − PdV + ΣµidNi + σdA (1.3)
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This expression assumes a constant interfacial energy (σ). It is also useful to define the

change in enthalpy (dH), which is accessible through experimental efforts, and the change

in Gibbs free energy (dG) of the system, which provides the thermodynamic driving force

under typical experimental conditions:

dH = TdS + V dP + ΣµidNi + σdA (1.4)

dG = ΣµidNi + σdA (1.5)

By inspection of Equations 1.4 and 1.5, it is clear that a reduction in the interfacial area

(A) would produce a decrease in the free energy and enthalpy of the system. This reduc-

tion in the free energy provides a thermodynamic driving force for thermally driven grain

growth, which is a paramount concern in nanocrystalline metals. Practically, nanocrys-

talline metals contain a large interfacial area (A) and thus exhibit a large driving force

for microstructural coarsening. Such a large driving force for grain growth has rendered

many nanocrystalline metals unstable, even at low homologous temperatures. Gertsman

et al. [104] reported grain growth of nanocrystalline copper prepared through inert gas

atomization after storage at room temperature. Similar behavior has been reported in

other pure elemental nanocrystalline metals, such as silver and palladium [105,106].

Alloying pure, elemental nanocrystalline metals with chemical species that exhibit a

high enthalpy of segregation is the most common way of limiting microstructural coars-

ening in nanocrystalline metals. The primary objective of alloying pure nanocrystalline

metal is to decrease the grain boundary energy, σ in Equation 1.5, effectively reducing

the thermodynamic driving force for coarsening. Weissmuller [107], using similar formu-

lations to that of Gibbs and Cahn [108], derived the following expression for the decrease
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in grain boundary energy due to the presence of excess solute at the grain boundary in

the dilute limit:

σ = σ0 −Nβ(∆Hseg +RTln(
Nm
β

Nm
)) (1.6)

where:

∆Hseg = ∆Hsol
βinα −∆Hsol

βinGB (1.7)

From Equation 1.6, it is evident that in systems with a positive enthalpy of segregation

(∆Hseg), there will be a reduction in the grain boundary energy (σ) through the additions

of the solute species (β), and their enrichment of the grain boundary (Nβ). The model

is schematically illustrated in Figure 1.9. Through the addition of solute (β), which

tends to sit at grain boundary sites, the microstructure can be divided into crystalline

domains consisting of predominantly α (unshaded regions in c, d) and grain boundary

regions consisting of both α and β. This analysis, coupled with semi-empirical Miedma-

type [109–112] models for solution enthalpies has enabled the synthesis of numerous

nanocrystalline systems which exhibit significantly improved thermal stability, such as

Ni-W, W-Ti, Fe-Zr, and others [113–115,115,116].

A different approach to stabilizing nanocrystalline metals is to focus on suppressing

the kinetics of grain growth. The velocity (v) of a grain boundary driven under thermal

excitation is proportional to the grain boundary mobility (M) and the thermodynamic

driving force for grain growth, the grain boundary energy (γ or σ) [117]:

v ∝Mγ. (1.8)

Equation 1.8 demonstrates that decreasing either the thermodynamic driving force or the

mobility of the grain boundary will serve to decrease the velocity of the grain boundary,

effectively limiting thermal coarsening. General strategies to suppress the kinetics of grain

21



Introduction Chapter 1

Figure 1.9: Grain boundary segregation model from Weissmuller [107]. a, b macro and
microscopic view of pure polycrystalline material. c, d, macro and microscopic view of
alloyed polycrystalline material. Gradient filled regions in c, d are used to illustrate
the grain boundary regions, which are distinct from the crystalline grain interiors in
formulations used in [107]. Black circles in d illustrate solute additions.

growth primarily focus on reducing the grain boundary mobility (M) through alloying

to induce clustering or precipitation at the grain boundaries. Unlike thermodynamic

reductions in grain boundary energy, reductions in mobility are generally the result of

grain boundary pinning, also known as Zener pinning. Zener’s model is widely utilized

for understanding grain growth processes in coarse grained alloys with dispersoids or
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precipitates, which effectively pin the grain boundary as it moves [118–120]. This model

does not directly account for the atomistics of grain boundaries. As such, researchers

have argued Zener’s model is not directly applicable to nanocrystalline metals, but that

it serves as a general motivation for kinetic strategies of imparting thermal stability. This

approach has been demonstrated in alloys which exhibit phase separation or clustering at

grain boundaries, such as immiscible fcc-bcc combinations like Cu-Nb [121, 122], Cu-Ta

[123,124] and Cu-Mo [13,125] alloys. Nanocrystalline alloys that exhibit such clustering

or phase separation are some of the most thermally stable alloys to date and have many

desirable properties such as high creep resistance [123].

1.3.2 Atomistic structure of grain boundaries and thermal be-

havior

Not only does the atomistic structure of grain boundaries dramatically affect the me-

chanical properties of nanocrystalline metals, grain boundary structure also significantly

affects the thermal behavior of nanocrystalline metals. The presence of multiple grain

boundary structures [65] is thought to underpin many unusual phenomena in coarse grain

materials, such as abnormal grain growth [126] and unusual diffusion behavior [127,128].

In nanocrystalline metals, the high volume fraction of grain boundaries suggests that

the effects of this metastability may exacerbate thermal instabilities, potentially giving

rise to the numerous reports of abnormal grain growth in nanocrystalline metals, Ni

especially [129–134].

While the multiplicity of grain boundary states may underpin several prominent ther-

mal instabilities in nanocrystalline metals, researchers have demonstrated that through

processing and alloy design, the presence of metastable grain boundaries can be beneficial

for microstructural stability. Researchers have emphasized the role of amorphous inter-
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granular films on thermal stability of several nanocrystalline alloys, primarily Cu-Zr-base

systems [73]. These alloys are resistant to coarsening after tens of hours at temperatures

near their melting point [75], indicative of the most promising thermal stability exhibited

by a nanostructured metal to date. The experimentally observed amorphous structure

and impact on thermal stability in a Cu-Zr alloy is presented in Figure 1.10, where the

presence of the amorphous intergranular film serves to provide microstructural stability

at temperatures near the melting point. Several other alloys have been identified that

exhibit amorphous intergranular film formation with controlled processing, such as Cu-Hf

and Ni-Zr [125]. Expansion into multicomponent alloying [135] has demonstrated that

materials design / alloying strategies [125] to induce amorphous structural motifs at grain

boundaries may be broadly applicable across many alloy systems, rather than the limited

ones currently identified.

2 nm

a b

Figure 1.10: a, Experimental observation of amorphous intergranular film in Cu-3Zr
from [73]. b, Thermal stability of Cu-3Zr after 1hr annealing times. Reprinted by
permission Springer Nature [75].

The underlying thermodynamic argument for the enhanced stability imparted by

amorphous intergranular films is the competition between interfacial energies of the

crystalline-amorphous interface and the grain boundary energy. In order for an amor-

phous intergranular film to form, the amorphous-crystalline interface energy must be
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less than half of the grain boundary energy [136–139]. A more complete description ac-

counting for the energy of formation of the amorphous content is expressed in Equation

1.9, where the amorphous interfacial state with thickness h, free energy of formation

(∆Gam) and corresponding interfacial energies γgb and γsl will only form if the inequality

is satisfied.

∆Gam × h < γgb − 2γsl (1.9)

This can also be interpreted from a macroscopic perspective, where the presence of the

interfacial state has effectively reduced the grain boundary energy, resulting in a re-

duction in the driving force for coarsening [139]. There may be additional benefits to

nanocrystalline metals with amorphous intergranular films, such as sluggish grain bound-

ary diffusion, that also promote thermal stability. While these descriptions of interfacial

states at grain boundaries are counter to Gibbsean descriptions of bulk phases, these un-

usual grain boundary structures play a decisive role in the properties of nanocrystalline

metals.

1.4 Outstanding questions

The scientific understanding of the mechanical and thermal behavior of nanocrys-

talline metals has greatly improved over the past several decades, including detailed

thermodynamic and kinetic approaches to imparting thermal stability and experimental

efforts to provide mechanistic insight into nanocrystalline deformation behavior. How-

ever, the ability to design or tailor nanocrystalline alloys to be thermally stable, resis-

tant to catastrophic shear localization, or, most importantly, both , by targeting grain

boundaries remains elusive due to the limited understanding of grain boundary structure-

property relationships. Furthermore, the effects of targeted processing and alloying on
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grain boundary structure have not been systematically investigated, presenting an ex-

citing opportunity for scientific investigation. The high degree of processing sensitivity,

explicit similarities in deformation behavior [21], and the recent promise demonstrated by

the incorporation of amorphous interfacial structures on the thermal [140] and mechani-

cal properties [73] of nanocrystalline metals suggest that the understanding of nanocrys-

talline metals can be greatly improved by the cross-pollination from disparate scientific

communities, specifically from the metallic glass community; yet, these commonalities

have not been viewed, let alone thoroughly explored, as a potential avenue to address

the limitations of nanocrystalline metals.

1.5 Overview & objectives

In this thesis, I will present the results of several experimental efforts exploring se-

lective processing and interface-aware alloying strategies to target grain boundaries, and

the effects of these strategies on the mechanical and thermal instabilities in nanocrys-

talline alloys. These processing routes and alloying strategies were motivated by similar

strategies elucidated in the metallic glass literature to improve macroscopic ductility and

glass formability. First, I will present results of an investigation into the role of process-

ing - specifically femtosecond laser processing - on mechanical properties of a variety of

nanocrystalline alloys in order to demonstrate the potential of non-equilibrium processing

to tailor the properties of nanocrystalline metals. Next, I will discuss a novel Al-Ni-Ce

nanocrystalline alloy which exhibits remarkable thermal and mechanical properties, ow-

ing to the complex chemical and structural evolution of the grain boundaries. This thesis

work originated as a natural extension of previous investigations of the Gianola Group

focusing on the mechanical behavior of nanocrystalline Al-base alloys performed by Dr.

Mo-Rigen He and investigations of metallic glasses performed by Dr. Daniel J. Mag-
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agnosc. These previous studies highlighted the sensitivity of nanocrystalline metals to

the grain boundary structure, as well as the definitive role metastability plays in the

mechanical properties of metallic glasses. Such expertise enabled investigations of both

processing effects and multicomponent alloying on grain boundary structure and proper-

ties. This work was funded through a National Science Foundation Early-Concept Grant

for Exploratory Research (NSF-EAGER) to design more damage tolerant nanocrystalline

materials for use in micro-electro-mechanical system (MEMS) applications. I was funded

additionally through a National Science Foundation Graduate Research Fellowship Pro-

gram (NSF GRFP) fellowship.

The structure of this thesis is as follows. Chapter 2 presents experimental meth-

ods and approaches for investigating the role of grain boundary structure on properties

of nanocrystalline metals, including material synthesis, femtosecond laser experiments,

indentation and electron microscopy techniques. Chapter 3 presents results of the fem-

tosecond laser irradiation experiments performed on a variety of nanocrystalline alloys.

This chapter also includes a discussion of the underlying physics responsible for the

marked change in behavior of the laser irradiated material. Chapter 4 focuses on the

mechanical and thermal properties of the nanocrystalline Al-Ni-Ce alloy using ex-situ

characterization techniques. Chapter 5 is a detailed discussion on the origin of the en-

hanced thermal stability of the nanocrystalline Al-Ni-Ce alloy, including Monte-Carlo

modeling efforts and in-situ electron microscopy experiments. Chapter 6 discusses the

elevated temperature mechanical properties of the Al-Ni-Ce alloy measured via elevated

temperature indentation. Chapter 6 also includes a discussion of corresponding deforma-

tion mechanisms and modeling efforts used to predict the maximum thermal exposure

prior to microstructural evolution and mechanical degradation.
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1.6 Permissions and attributions

• The work presented in Chapter 3 is the result of a collaboration with Dr. Charlette

Grigorian and Professor Timothy Rupert from the University of California, Irvine,

Zhitong Bai and Professor Yue Fan at the University of Michigan, and Dr. McLean

Echlin, Professor Tresa Pollock, and Professor Daniel Gianola from the University of

California Santa Barbara. This chapter was previously published in Acta Materialia

[141]. Balbus, G. H., Echlin, M. P., Grigorian, C. M., Rupert, T. J., Pollock, T.

M., & Gianola, D. S. (2018). Femtosecond laser rejuvenation of nanocrystalline

metals. Acta Materialia, 156, 183-195. Reproduced with permission of the authors

who retain copyright: https://doi.org/10.1016/j.actamat.2018.06.027

• The work presented in Chapter 4 is the result of a collaboration with Dr. Fulin

Wang and Professor Daniel Gianola. The chapter was previously published in Acta

Materialia [142]. Balbus, G. H., Wang, F., & Gianola, D. S. (2020). Suppression

of shear localization in nanocrystalline Al-Ni-Ce via segregation engineering. Acta

Materialia, 188, 63-78. Reproduced with permission of the authors who retain

copyright: https://doi.org/10.1016/j.actamat.2020.01.041

• The work presented in Chapters 5 and 6 is the result of a collaboration with Jo-

hann Kappacher, Professor Verena Maier-Kiener, and Professor Daniel Kiener from

Montanuniversität Leoben (Austria); Dr. David Sprouster and Professor Jason

Trelewicz from Stony Brook University; Professor Timothy Rupert from the Uni-

versity of California, Irvine; and Dr. Fulin Wang, Dr. Yolita Eggeler, Dr. Jungho

Shin, and Professor Daniel Gianola from the University of California, Santa Bar-

bara. Much of these chapters has been submitted to Nature Materials. Balbus,

G. H., Kappacher, J., Sprouster, D. J., Wang, F., Shin, J. H., Eggeler, Y. M.,
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Rupert, T. J., Trelewicz, J. R., Kiener, D., Maier-Kiener, V., & Gianola, D. S.

Disordered Interfaces Enable High Temperature Thermal Stability and Strength in

a Nanocrystalline Aluminum Alloy, Submitted.

• Additional discussion in Chapter 7 regarding the effects of laser processing on grain

boundary structure was the result of a collaboration with Zhitong Bai and Professor

Yue Fan at the University of Michigan [143]. Other collaborations briefly discussed

here include contributions from Dr. Oliver Renk, Professor Verena Maier-Kiener,

and Professor Daniel Kiener from Montanuniversität Leoben (Austria).
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Materials and Methods

Experimental investigations into the structure of grain boundaries, particularly those

in nanocrystalline metals, are notoriously challenging. Grain boundaries are spatially

confined, largely lack long range periodicity, and are extremely sensitive to processing,

all of which hinder many traditional experimental techniques. Furthermore, due to the

grain sizes of the materials of interest (5 - 50 nm), isolation, let alone characterization, of a

single boundary is challenging. Nevertheless, recent advancements in electron microscopy

have greatly expanded our capabilities for characterizing grain boundaries, and the effects

of changes in grain boundary structure are evident when probing ensemble properties, as

in more conventional experimentation such as mechanical testing and thermal analysis.

In this chapter, several synthesis techniques utilized to produce the nanocrystalline

metals that will be reported in this thesis will be discussed, as well as processing tech-

niques utilized to modify grain boundary structures. Next, mechanical and thermal

testing techniques utilized to probe ensemble effects of grain boundary metastability will

be presented. Finally, structural characterization techniques such as transmission elec-

tron microscopy will be briefly outlined, including specific sample preparation techniques

for in-situ heating experiments.
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2.1 Materials synthesis

Nanocrystalline alloys investigated in this thesis were prepared using three synthesis

techniques: sputter deposition, high pressure torsion, and ball milling. The majority

of samples utilized in this thesis, as well as the only samples prepared at UCSB, were

prepared by sputter deposition, which will be discussed first. A brief discussion of high

pressure torsion, as well as the comparative advantage of synthesis via severe plastic

deformation will follow. Ball milling will not be discussed in great detail, as all samples

prepared by ball milling were made by Dr. Charlette Grigorian in Professor Timothy

Rupert’s group at the University of California, Irvine, but the sample preparation details

for materials utilized in this work will be presented.

2.1.1 Sputter deposition

Sputter deposition is a thin film synthesis technique where an energetic gaseous

plasma is utilized to eject material from a source, often referred to as the ‘target’. The

material ejected from the source is then collected, or deposited, onto a substrate. The

process by which the plasma removes material from the target is known as sputtering,

which lends its name to the synthesis process. Schematically, this process is shown in

Figure 2.1.

In order to strike and maintain the plasma used to deposit material, high power

magnetrons are utilized to generate large electric potentials and magnetic fields near the

target. In the presence of a process gas at low pressure, the large potentials generated

across the magnetrons can ‘ignite’ and maintain a plasma of the process gas. Modern

sputter deposition systems use specially designed shielding and plasma geometries to

direct the ejected material towards the substrate, resulting in relatively high sputtering

yields. Argon was utilized as the process gas for all synthesis in this work, and is typically
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sputtering gun
(magnetron housing)

ar+

plasma

target

substrate

adatoms

Figure 2.1: Sputter deposition schematic.

used due to its non-reactivity; other process gasses such as nitrogen or oxygen can be used

during reactive sputter deposition of nitride or oxide films. For additional information

regarding plasma formation, various effects of process gas pressure, substrate temper-

ature, etc. the reader is referred to the textbooks by Ohring [144] and Vossen [145].

Additional detailed instructions on the operation of the AJA sputter chamber located in

the Materials Processing Lab at UCSB are included in the Appendix.

Sputter deposited Al-O films utilized in the study presented Chapter 3 were prepared
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by Dr. Mo-Rigen He as described in [71, 72] using an Explorer 14 Sputtering system

(Denton Vacuum) at Bryn Mawr college.

Al-Ni-Ce sputtered materials were synthesized in an AJA ATC 1800 sputter deposi-

tion system. The alloy composition was controlled using confocal DC sputtering from two,

2-inch diameter sputter targets, of pure Al (99.999% purity) and pre-alloyed Al87Ni7Ce6

(at. %, 99.95% purity) purchased from Angstrom Sciences. Sputtering was performed

using a power of 100 W for the pure Al target and 175 W for the alloyed target, resulting

in a net deposition rate of 0.27 nm s−1. Base pressures prior to each deposition were

below 10−7 Torr. All depositions were performed using a processing chamber pressure of

3 mTorr Ti-gettered Ar. To promote a nanocrystalline microstructure, the targets were

shuttered every 36 seconds for 5 seconds. This procedure was performed on a variety

of substrates and thicknesses for different subsequent experimental investigation. 1 µm

thick samples were deposited on Si (100) wafers for mechanical testing, onto soda lime

glass wafers for X-ray studies, and on single crystal NaCl wafers for ultrafast calorime-

try. Electron transparent (40 nm) samples were deposited onto Cu transmission electron

microscopy (TEM) grids with C support films for (S)TEM analysis, as well as onto Pro-

tochips Fusion E-chip heating devices with C support films for in-situ (S)TEM heating.

2.1.2 High pressure torsion

High pressure torsion (HPT) is a severe plastic deformation technique where material

is subjected to large compressive and torsional stresses to induce grain refinement. Several

excellent overviews of the science behind dislocation cell formation and grain refinement

via HPT, as well as practical limitations, applications, etc. are referenced here [146–148].

Practically, HPT is performed by placing a small (1-2 cm diameter) sample between two

large anvils, loading the sample in compression, and then rotating one anvil to induce

33



Materials and Methods Chapter 2

torsional stresses on the material. This process is schematically shown in Figure 2.2.

sample

lower anvil

upper anvil

Figure 2.2: HPT Schematic. The arrow signifies the rotation of the lower anvil relative
to the upper anvil. Adapted from [149]

HPT is advantageous over other synthesis methods because it does not necessarily

introduce impurities into the sample during grain refinement, which can markedly af-

fect the grain refinement process. This enables somewhat independent control of sample

chemistry and grain size. Unlike continuous sputter deposition, where the grain size

is generally linked to thickness or impurity (dopant) concentration, the sample chem-
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istry in HPT is controlled prior to deformation, and the degree of grain refinement is

dependent upon the total shear strain imposed during deformation [149, 150]. This en-

ables theoretically independent control of grain size and chemistry. In practice, this is

somewhat less straightforward, as the steady state HPT grain size (i.e. the grain size at

which additional shear strain will not induce additional changes in grain size) is strongly

sensitive to chemistry. Often, the outputs generated by HPT apparatuses are limited,

sometimes providing only the rotation and torque. This makes controlling the precise

level of grain refinement a priori challenging. Additional complications arise in mul-

tiphase alloys, where the dissolution of intermetallic compounds during HPT strongly

affects the chemical distribution of the sample. While possible, materials generated with

multiphase precursor materials frequently exhibit non-uniform dissolution of precursor

phases, resulting in a heterogeneous chemical distribution that can affect the properties

of the refined material.

The specific procedures utilized to produce nanocrystalline 316L steel samples utilized

in this this are as follows. 6 mm diameter rods of 316L stainless steel were cut into

segments with a thickness of 0.8 mm. These disks were then loaded into two tool steel

HPT anvils and compressed at 7.2 GPa. While holding this pressure, the lower anvil

was rotated 10 turns at 0.2 RPM, resulting in an equivalent strain of 136. Electron

microscopy revealed a resultant average grain size of 20 nm. Annealing of this sample

was performed at 550 ◦C for 1 hour under Ti-gettered Ar at ambient pressure. Additional

details on high pressure torsion experiments can be found in [151].

2.2 Ball milling details

Nanocrystalline Cu-3 at.%Zr samples were prepared using mechanical ball milling

in a SPEX SamplePrep 8000M Mixer/Mill to produce powders with µm-sized particle
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diameters and nm-sized grains. Powders were milled for 10 hours using a hardened steel

vial and milling media, and stearic acid in the amount of 2 wt.% was added as a process

control agent. Annealing treatments were performed at 950 ◦C in vacuum for one hour

to promote Zr diffusion to grain boundaries and allow for the formation of amorphous

intergranular films (AIFs). Samples were then either rapidly quenched in water or slowly

cooled in air from the annealed state. Rapidly quenching stabilized the microstructure

at high temperature, including any AIFs present at grain boundaries. It is important to

note that AIFs are not found at every GB throughout the microstructure, and a variety of

complexion types and thicknesses are commonly found within a given sample. In [73,75],

AIFs as thin as 0.5 nm and as thick as 5.7 nm were observed in a quenched Cu-Zr sample;

however, sharp grain boundaries were also present within the same sample.

2.3 Femtosecond laser irradiation

Femtosecond (fs) laser processing, while not necessarily a synthesis method for pro-

ducing nanocrystalline metals, presents a unique modality to impose large stresses and

temperatures in extremely short times. Fs laser-material interactions are fundamentally

different from longer pulse or continuous wave laser-material interactions due to the dis-

parity in timescales between electronic excitation (fs) and phonon-electron relaxation

(ps). This difference in timescales facilitates a largely athermal, mechanical ablation

process, which is useful in mitigating damaged zones during machining [152]. High flu-

ence fs-laser processing has been used extensively for micromachining, enabling serial

sectioning and micromechanical sample preparation, as well as other applications where

material removal with minimal residual damage is required [153,154]. Many experimental

observations and computer simulations have studied the ablation behavior of materials

exposed to high fluence fs-laser irradiation [152,155–161]. Fs-laser irradiation can also be
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used as a small scale experimental technique to simulate high strain rate shock phenom-

ena in materials. For more detailed explanations on various facets of fs-laser-material

interactions, the reader is referred to Refs. [152,162].

Recent simulations have indicated that grain size affects fs-laser ablation. Fs-laser-

material interactions within grain boundary regions are fundamentally different than in

bulk crystalline regions due to spatially heterogeneous electron-phonon coupling behavior

[158]. While the majority of the investigations into fs-laser-matter interactions have been

focused on high fluence ablation behavior, hybrid two-temperature model/molecular-

dynamics simulations have indicated that at energies below the ablation threshold, sig-

nificant tensile and compressive stresses can be induced by the laser [158, 159]. The

resulting combination of high stresses, short timescales, largely athermal processing, and

potential confinement to grain boundary regions suggests that the fs-laser processing may

have the characteristics necessary to induce structural modifications to grain boundaries.

Laser treatments investigated in this thesis were performed using a Clark MXR CPA-

2110 Series Ti:Sapphire Ultrashort Pulse Laser with a 1 kHz repetition rate, 780 nm

wavelength, and 150 fs pulse width in air (22 ◦C, 42-70% relative humidity). The out-

put power variability of the laser was less than 1%. The beam was attenuated with a

series of neutral density filters and a rotating half-wave plate followed by a p-polarized

beam splitter before being focused down by a 500 mm focal length plano-convex lens

with a 1
e2

radius of 30.8 µm measured as described in [163]. Average laser energies were

measured using an Ophir Photonics High Sensitivity Thermal Laser Sensor. All exper-

iments were conducted with an average power in the range of 0-15 mJ, corresponding

to fluences of 0-0.5 J cm−2. Ablation thresholds were characterized by performing a

series of non-overlapping single pulse arrays at fluences between 0.037 J cm−2 and 0.3

J cm−2 in increments of 0.015 J cm−2. The onset of ablation was determined by mea-

suring changes in sample height across the irradiated regions using an Asylum MFP-3D
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atomic force microscope in tapping mode, following the procedure in [164]. These values

and corresponding errors are presented in Table 2.1. To collect sufficient information for

subsequent nanomechanical evaluation, areas of ≈ 0.01 mm2 were irradiated with single

pulses by translating the stage 10 µm between subsequent laser pulses, as illustrated in

Figure 2.3a-c. Figure 2.3d shows an area that was irradiated with a fluence above the

ablation threshold, which is included to demonstrate the process. Figure 2.3e shows an

area treated with a fluence below the ablation threshold with no obvious changes to the

surface. The fluences reported are the average single pulse fluences measured prior to

treatment. Due to the slight overlapping pulse geometry, the reported number of pulses

is a lower bound on the effective pulse count experienced by the sample.
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Figure 2.3: a) Schematic showing the fs-laser treatment procedure. A single fs-pulse
irradiates the NC sample, which then emits elastic waves. Once this process has com-
pleted, the sample is translated and irradiated with a series of pulses until the desired
irradiated area is reached. b) SEM image of the Al-4.8 at.%O sample irradiated with a
fluence above the ablation threshold. The four lighter areas on the corners of the square
are fiducial marks. c) SEM image of the Al-4.8 at.%O sample irradiated with a fluence
below the ablation threshold. Dashed lines indicate region that has been irradiated.
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Table 2.1: Summary of samples utilized in femtosecond laser studies presented in Chapter 3 - chem-

istry, average grain size, and optical parameters obtained from literature, as well as non-irradiated

indentation hardness and ablation thresholds.

Material
tfilm

(nm)

Csolute

(at. %)

< d >

(nm)

Ho

(GPa)

Ablation

Threshold J

cm−2

Optical

Absorption

Coefficient

κ

Optical

Penetration

Depth δ

(nm)

Al-0.8

at.%O
156 0.8 ± 0.1 84

1.5 ±

0.3
0.2 ± 0.02 8.46 7.3

Al-4.8

at.%O
210 4.8 ± 0.5 19

2.3 ±

0.7
0.15 ± 0.02 8.46 7.3

Q-Cu-Zr * 3 ± 0.1 42
1.5 ±

3.0
0.6 ± 0.33 4.82 13

SC-Cu-Zr * 3 ± 0.1 43
1.5 ±

3.0
0.7 ± 0.50 4.82 13

* Q-Cu-Zr and SC-Cu-Zr are powder samples prepared by ball milling.
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2.4 Mechanical characterization - nanoindentation

To probe the effects of processing (e.g. fs-laser, annealing) and alloying on mechan-

ical properties, indentation, specifically nanoindentation, was utilized. Indentation is a

relatively inexpensive, high throughput mechanical testing technique where a hard tip

with a known shape is driven into a material. The force and displacement of the tip are

measured as it plastically deforms the material, and using contact mechanics [165], the

properties of the deformed material can be extracted. Nanoindentation, where the load,

displacement, and speed of the tip can be precisely controlled at nm or sub-nm resolu-

tion (routine with modern actuators) enables the measurement of site specific mechanical

properties, such as hardness and modulus, as well as rate dependent properties (strain

rate sensitivity, activation volume). Nanoindentation also enables investigation of both

incipient plastic deformation behavior (dislocation activation) and mechanical properties

of small volumes of material (such as thin films) [165–169].

All room temperature experiments were performed using a Nanomechanics iMicro

system equipped with a 50 mN actuator (Nanomechanics iNano head) and a diamond

Berkovich tip. Constant strain rate tests were performed with two testing protocols: the

factory standard ’Advanced Dynamic E and H.NMT’ and a custom method written by

Prof. Dr. Verena Maier-Kiener named ’SRTest.NMT.’ While both methods are capable

of constant strain rate indentation, the factory standard method does not reach the set

strain rate until depths of ≈ 100 nm, whereas the custom method reaches the set strain

rate at depths as shallow as 5 nm. This is demonstrated in Figure 2.4. Thus for any rate-

sensitive measurements where the factory standard method was used, the instantaneous

(depth resolved) properties (hardness, modulus) at the instantaneous strain rate were

utilized, rather than the set-point strain rate value. These values were also compared

with data extracted from larger depths where the strain rate was more stable. For
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indentation experiments of fewer than 50 indents, the tip area function of the Berkovich

tip was calibrated on a fused silica standard prior to testing. For extremely depth sensitive

experiments (e.g. fs-laser irradiation in Ch 3), for experiments with more than 50 indents,

or on very hard materials (refractories), the tip area function was calibrated prior to

testing and re-measured after testing to ensure that the tip area function had not evolved

considerably during the experiment. All data was collected operating the machine using

the continuous stiffness method (CSM), where a dynamic oscillation is superimposed

during loading to measure hardness and elastic modulus as a function of depth [168].

Measurements on thin films were performed on data collected at depths < 10% of the

film thickness to minimize substrate influence when possible. When not possible, such

as for 100-200 nm thick Al-O films, a Saha-Nix [170] approach was utilized and values

were extracted from depths of ≈ 30% of the film thickness.

Elevated temperature nanoindentation experiments were performed by Johann Kap-

pacher (Montanuniversität Leoben, Austria) on 1 µm thick samples deposited onto Si

using a Nanomechanics InSEM Nanoindenter equipped with a 50 mN load cell. Hard-

ness measurements were performed with a diamond Berkovich tip indenter manufactured

by Synton-MDP at an indentation strain rate of 0.1 s−1. The tip area function was cal-

ibrated on fused silica before all experiments [168]. Separate samples were utilized for

each testing temperature in order to simplify the effects of any complicated heating /

testing protocol. These experiments were performed from a unique sample which was

heated from room temperature to the specific testing temperature at 10 ◦C min−1, held

at temperature for 2 hours to minimize temperature gradients prior to indentation, tested

for ≈ 1.5 hours, and then cooled to room temperature at 10 ◦C min−1. No systematic

variation in strength was observed during the 1.5 hour test time. The hardness values

were averaged between 180 and 220 nm indentation depth. Room temperature hardness

and modulus data for thirteen indents performed on the as-deposited material are pre-
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Figure 2.4: Indentation strain rate values during indentation on (100) Si wafer. Top:
factory standard ’Advanced Dynamic H & E’ method. Bottom: custom ’SRTest’ method.
It is hard to see from these plots, but the strain rate from the factory method never
actually attains the setpoint (it is always off by ≈ 0.01 s−1.)

sented in Figure 2.5, demonstrating the influence of the Si substrate. The modulus data

is significantly affected by the substrate, whereas the hardness data is largely substrate

insensitive. This can be ascertained as the hardness of single crystal (100) Si exceeds 10

GPa [171], but a significant increase in hardness at large depths is absent in Figure 2.5.

Thus, while the hardness data presented is extracted from depths larger than 10% of

the film thickness (100 nm), the hardness values are representative of intrinsic material

behavior. The depth selected for hardness measurements was chosen to optimize between

minimal substrate influence, and was enough penetration to minimize geometrical inac-
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curacies, instabilities, and transient behavior of the testing platform. Furthermore, the

hardness values are not significantly different than those extracted from an indentation

depth of 100, but the stability of the testing platform improves at larger penetration

depths at elevated temperature. Strain rate jump tests were performed by reducing the

strain rate from 0.1 s−1 to 0.01 s−1 at a depth of 200 nm, and jumping back to 0.1 s−1

at a depth of 350 nm to elucidate the strain rate sensitivities and activation volumes, as

described in Ref. [167,172].

Figure 2.5: Depth resolved indentation hardness and modulus for the as deposited Al-
Ni-Ce alloy.
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2.5 Thermal characterization

Thermal stability is an outstanding problem plaguing nanocrystalline metals. Thus

thermal characterization, through static annealing and various dynamic thermal analysis

techniques are necessary to gain insight into the effects of processing and alloying.

Ex-situ annealing studies were performed using either a quartz tube furnace in a Ti-

gettered Ar environment (<10−8 ppm O2) to minimize additional oxidation, or in the

AJA sputter deposition chamber under ultra high vacuum (10−7 Torr). In-situ annealing

studies in the electron microscope will be discussed in the next section.

Ultrafast or flash differential scanning calorimetry (DSC) was performed using a Met-

tler Toledo Flash DSC 2+ device. DSC is a thermal analysis technique where two cru-

cibles - one with the sample of interest, another with a known reference material - are

heated at the same rate, and the heat flow required to maintain the samples at the same

temperature throughout the heating protocol is recorded. The difference between these

two heat flow signals exhibits signatures of thermally activated processes that either

release (exothermic) or require (endothermic) external thermal energy to maintain the

same temperature. From the quantification of these signatures in the differential signal,

heat capacity, enthapies of phase transformations, and many other quantitative thermal

measurements can be performed. The Flash DSC 1/2+ device relies on a MEMS-based

SiN heater that can access heating and cooling rates up to 104 K s−1 and is capable

of detecting thermal signatures from very small masses of material. One limitation of

this testing platform is that, unless the samples have a known melting enthalpy and can

be melted directly onto the chip (often damaging the sensor), the masses of material

are difficult to measure. As such, quantifying the absolute values of exothermic and en-

dothermic events is challenging. However, quantitative information can be extracted by

varying the heating rate during DSC runs, and applying the Kissinger analysis [173–175].
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By measuring the peak temperature associated with a thermal event at different rates,

the activation energy associated with the process can be estimated.

DSC heating runs presented in Chapter 5 were performed under an Ar atmosphere at

ambient pressure. Silicone oil was used as a contact medium to ensure adequate thermal

contact between the sample and the heater. All heating chips were calibrated prior to

testing. After application of silicone oil, the chip was heated and cooled repeatedly

to measure the background signal introduced by the silicone oil, as well as uniformly

distribute the oil on the heater membrane. 1 µm thick Al-Ni-Ce samples were first

floated off from NaCl wafers in steam distilled H2O, dried, and manipulated onto a glass

slide for sectioning. The sample was then cut using a razor blade to fit within the ≈ 100

µm diameter heater on the Mettler Toledo UFS heating chip. A single hair brush was

used to manipulate the sectioned sample from the glass slide onto the chip. The chip

was then loaded into the Flash DSC 2+ device and heated from 25 ◦C to 425 ◦C at a set

heating rate. A new sample was used for each heating rate, given the irreversibility of

the thermal evolution in the Al-Ni-Ce alloy. The same UFS chip was utilized for all of

these studies.

2.6 Structural characterization

Three modalities of diffraction experiments were utilized to investigate the struc-

ture and deformation morphology of nanocrystalline metals investigated in this work:

scanning electron microscopy, transmission electron microscopy, and transmission X-ray

diffraction in the synchrotron.

Conventional scanning electron microscopy (SEM) was utilized to investigate the

surface morphology of Al-O and Cu-Zr samples after laser processing, as well as after

nanoindentation of Al-Ni-Ce samples to study the pile up behavior around and beneath
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the indenter. These experiments were performed in a FEI Thermo-Fisher Teneo FE-SEM,

Apreo-S FE-SEM, and an Apreo-C FE-SEM. Surface characterization was performed

at low accelerating voltages to minimize the interaction volume and increase surface

sensitivity. All experiments were performed below 5 kV, with some as low as 2 kV in the

Apreo systems.

Transmission electron diffraction experiments in the transmission electron microscope

(TEM) and in the SEM (TSEM) were also utilized to study processing and deformation

effects on nanocrystalline metals. TSEM experiments were performed on Al-O films to

investigate microstructural effects of fs-laser irradiation. These were performed in the

Teneo system at 30 kV, 0.4 nA, and using an annularly-segmented scanning transmission

electron microscopy detector. Both bright and dark field conventional TEM were used to

investigate the microstructure of the Al-Ni-Ce alloys. TEM experiments were performed

using either an FEI Technai G2 Sphera TEM (Chapter 4) or FEI Thermo-Fisher Talos

(S)TEM (Chapters 4-6). Dark field (DF) TEM was used to generate grain size distri-

butions of the alloy after various thermal exposures, as well as investigate deformation

behavior of the alloy. DF TEM experiments were performed with a small (10 µm) objec-

tive aperture on various segments of the {111} and {200} diffraction rings. High angle

annular dark field (HAADF) scanning transmission electron microscopy (STEM) in the

TEM provided insight into chemical evolution of the Al-Ni-Ce alloys during both ex-

and in-situ annealing studies. The STEM modality in the TEM enables simultaneous

acquisition of HAADF, annular DF, and BF STEM images, which was beneficial during

in-situ annealing studies to differentiate the effects of chemical re-ordering (HAADF) and

grain orientation evolution (ADF / BF). Electron dispersive x-ray spectroscopy (EDS)

is also possible using the SEM and STEM, which provided more quantitative chemical

information than the HAADF images alone, which are primarily sensitive to atomic mass

(Z) contrast.
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In-situ heating experiments on the Al-Ni-Ce alloy were performed using Protochips

Fusion e-chip devices. In order to mask off electrical contacts and other portions of the

Protochips Fusion chips during sputter deposition, two small cleaved pieces of Si wafers

were manually clipped on to the surface of the Protochips Fusion chip so that just the re-

gion with the C support film was exposed during deposition. Schematically, this is shown

in Figure 2.6. It is necessary to perform depositions from the top-side of the Protochips

device, as depositing conductive material on the underside connects the heating elements

and disturbs the temperature calibration on the chip. In-situ heating experiments were

performed while collecting images at 2048 X 2048 resolution using BF, ADF, and HAADF

detectors. These experiments were performed at a constant heating and cooling rate of

0.5 ◦C s−1. The dwell time was calibrated such that each image was acquired over ≈ 0.5

s. A custom powershell script was utilized to record timestamps of image acquisition on

the computer controlling the Protochips device in order to sync the experiments in post-

processing. Samples were heated to a set temperature, held at temperature, and cooled

back to room temperature while acquiring STEM images. Before and after each heating

segment, selected area diffraction patterns (SADPs), EDS spectra, and conventional BF

and DF TEM images were recorded. Set-point temperatures of 100 ◦C, 200 ◦C, 325 ◦C

and 380-450◦C were chosen in order to compare with ex-situ heating experiments. EDS

spectral maps of 1000 X 1000 pixels were collected by summing at least 60 individual

spectral images collected with a 4 s dwell time per pixel. HAADF-STEM images were

simultaneously acquired with EDS spectral maps. Chemical profiles were generated us-

ing Velox (Thermo Fisher Scientific) or, in cases where there was not sufficient chemical

resolution to investigate pixel-wise data, post-processed in HyperSpy [176] to rebin the

data. This interrupted heating profile enabled the acquisition of multiple datasets during

evolution of the microstructure to provide insight into both the structural and chemical

evolution of the Al-Ni-Ce alloy system.
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Figure 2.6: Protochips e-chip masking schematic. a, pristine protochip top surface with
Au contacts exposed. b, schematic positioning of Si wafer pieces as masks to prevent de-
position onto electrical leads / heater. c, after deposition with narrow strip of conductive
material not in contact with leads or heating elements.

Transmission x-ray diffraction experiments on Al-Ni-Ce samples were performed by

Dr. David Sprouster at the National Synchrotron Light Source-II (Brookhaven National

Laboratory, Upton, NY) using beamline 28-IDI. All measurements were performed with

an amorphous silicon-based flat panel detector (PerkinElmer) mounted orthogonal to the

beam path and centered on the beam. The sample-to-detector distances and tilts of the

detector relative to the beam were refined using a Nickel powder standard. The wave-

length of the incident x-rays was 0.1666 Å (74.42 keV). 80 patterns were collected for

each sample and the two-dimensional images were then averaged together and radially

integrated, to obtain the one-dimensional diffraction patterns. The amount of film ma-

terial in the X-ray beam is minimal (compared to the substrate), and the film signal is

<1 % of the total volume in the X-ray beam. In order to eliminate the signal from the

substrate, the scattering component from the glass substrate was subtracted from the

diffraction patterns. The diffraction patterns collected were corrected for PDF-specific

corrections (self-absorption, multiple scattering and Compton scattering) and converted

to atomic PDFs, G(r), over a Q-range of 1-20 Å−1 using PDFgetX3 [177] software.
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Chapter 3

Femtosecond Laser Rejuvenation of

Nanocrystalline Metals

In this chapter the effects of sub-ablation-threshold fs-laser irradiation on the mechanical

properties of several nanocrystalline alloys are explored. These results suggest a mate-

rial agnostic reduction in hardness by up to 90% due to sub-ablation-threshold fs-laser

irradiation in nanocrystalline metals, without any evidence of microstructural evolution,

namely grain coarsening. The magnitude of the softening observed is sensitive to the

energetic or structural state of the grain boundaries, as illustrated by two Cu-Zr sam-

ples with different thermal histories, and is reversible by annealing at low temperatures.

These results suggest that targeted processing can locally modify grain boundary struc-

ture, enabling significant tunability in mechanical properties, and potentially mitigating

catastrophic shear localization in nanocrystalline metals.
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3.1 Femtosecond laser irradiation background

Rejuvenation processing routes, which have been extremely beneficial in improving

the room temperature ductility of metallic glasses, has not been reported in nanocrys-

talline metals. Rejuvenation processing routes for metallic glasses categorically occur

quickly and at low temperatures in order to suppress any competing structural relax-

ation [87]. A previously unexplored processing technique that possesses these character-

istics is pulsed ultrafast laser processing. Unlike longer pulse laser-material interaction,

which have been used as heat sources for processing both nanocrystalline metals and

metallic glasses [178–180], femtosecond (fs) pulse laser-material interactions are funda-

mentally different due to the difference in timescales between electronic excitation (fs)

and phonon-electron relaxation (ps) [181]. This difference in timescales facilitates a

largely athermal, mechanical ablation process, which is useful in mitigating damaged

zones during machining [152]. High fluence fs-laser processing has been used exten-

sively for micromachining, enabling serial sectioning and micromechanical sample prepa-

ration, as well as other applications where material removal with minimal residual dam-

age is required [153, 154]. Many experimental observations and computer simulations

have studied the ablation behavior of materials exposed to high fluence fs-laser irradia-

tion [152,155–161]. Recent work has highlighted the effects of grain boundaries on fs-laser

irradiation due to the spatially heterogeneous electron-phonon coupling behavior due to

structural disorder [158], as well as the significant tensile and compressive stresses that

can be induced at low energies [158, 159]. The resulting combination of high stresses,

short timescales, largely athermal processing, and potential confinement to grain bound-

ary regions suggests that the fs-laser processing may have the characteristics necessary

for rejuvenation of grain boundaries, analogous to processing developed by the metallic

glass community.
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We hypothesize that the stresses generated by the fs-laser at energies below the abla-

tion threshold may be used to modify the mechanical behavior of nanocrystalline metals

via short-range atomic rearrangements at grain boundaries, where when incurred due to

thermal and mechanical cycling have been shown to cause dramatic shifts in mechanical

properties with negligible microstructural evolution. In this chapter, several measure-

ments demonstrating the influence of sub-ablation threshold femtosecond laser pulses

on location-specific properties of nanocrystalline Al-O and Cu-Zr, materials selected to

explore a range of different grain boundary chemical and structural states, will be re-

ported. These results suggest that sub-ablation femtosecond laser pulses cause a dramatic

and recoverable reduction in hardness accompanied by negligible changes in grain size,

reminiscent of rejuvenation processes in metallic glasses.

3.2 Sample selection for fs-laser processing

Samples were deliberately selected to give insight into the effects of grain size, chem-

istry, and grain boundary energy state on sub-ablation threshold fs-laser treatments. The

two nanocrystalline Al samples demonstrate the effect of grain size and solute concentra-

tion. The grain size of these samples can be controlled during deposition by varying the

amount of O incorporated during sputter deposition, which serves to pin grain bound-

aries. This behavior and the effect of O impurities on the mechanical behavior of Al

films has been shown extensively in Ref. [71]. Bright field (BF) TEM images of both as-

deposited Nanocrystalline Al samples are shown in Figure 3.1a, b. Comparison between

the Cu-Zr samples enables us to explore the effects of the initial grain boundary state on

fs-laser treatments for a fixed grain size, as both quenched (Q-Cu-Zr) and slowly cooled

(SC-Cu-Zr) Cu-Zr samples have the same chemistry and grain size. Comparing the effects

of sub-ablation threshold fs-laser irradiation on these alloys to the Al samples provides
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insight across material systems. Due to the two sample preparations for the Cu-Zr alloy -

quenching and slowly cooling from high temperature - the samples possess different initial

grain boundary states. The quenched sample possesses an amorphous intergranular film

(AIF), which is a metastable, non-equilibrium grain boundary structure at room tem-

perature where the laser treatments are performed. AIFs are at equilibrium at elevated

temperature and form in these alloys due to the propensity for Zr to segregate to grain

boundaries, which reduces the energetic penalty for the formation of an amorphous film.

The amorphous structure is thought to form at grain boundaries due to the interfacial

energy and the locally high concentration of Zr in Cu, which exhibits good glass forma-

bility [73]. BF and high resolution TEM (HRTEM) images of the quenched sample are

shown in Figure 3.1c, e, where the presence of this amorphous region is demonstrated by

the mottled region outlined in the image. Slowly cooling the samples resulted in atom-

istically sharp grain boundaries, as shown in the BF and HRTEM images in Figure 3.1d,f.

Any treatment used to modify the structure of the boundary would be expected to be

sensitive to the initial energetic configuration, and thus manifest in different mechanical

responses.

3.3 Hardness variations

We first begin by investigating the effects of grain size in the nanocrystalline Al

samples on the hardness measured before and after fs-laser irradiation. Figure 3.2a shows

the hardness of the coarsest grained Al-0.8 at.%O sample (average grain size of 80 nm)

irradiated by the fs-laser at various sub-ablation fluences, and indicates no significant

variation in the hardness. Deviations from the initial hardness are observed after the

onset of ablation, and the variability in these measurements also increases at high laser

energies. The ablation threshold of the Al-0.8 at.%O sample occurred at a fluence of 0.2
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Figure 3.1: TEM images of all samples utilized in this study. a) BF image of Al-0.8
at.%O sample. Corresponding data plotted in blue. b) BF image of Al-4.8 at.%O sample.
Corresponding data plotted in black. c) BF TEM image of Q-Cu-Zr, corresponding data
plotted in red. d) BF TEM image of SC-Cu-Zr, corresponding data plotted in orange.
e) HRTEM image of Q-Cu-Zr, amorphous region indicated by dashed yellow lines. f)
HRTEM image of SC-Cu-Zr. No amorphous region is present at the grain boundary
shown.

± 0.02 J cm−2. This agrees well with literature values for fs-laser ablation of Al, which

range from 0.1-0.19 J cm−2, suggesting that dilute amounts of oxygen incorporation do

not dramatically affect the ablation threshold compared to pure Al [158, 182]. Figure

3.2b shows the hardness of the Al-4.8 at.%O sample after similar laser treatments, where
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a dramatic decrease in hardness of up to 80% (≈ 2 GPa) is observed at energies nearing

the ablation threshold. The hardness of the Al-4.8 at.%O monotonically decreases with

increasing laser fluence. The inset shows several representative load-displacement curves

from the untreated and 0.066 J cm−2 treated region, where the peak load is significantly

lower for the fs-laser irradiated sample. The ablation threshold was measured at 0.15 ±

0.02 J cm−2, 25% lower than the Al-0.8 at.%O sample. While decoupling the effects of

impurity incorporation and grain size are difficult for these samples, this result suggests

that either the reduction in grain size or increased O content, or some combination

thereof, determines the material susceptibility to fs-laser-induced changes in hardness

and ablation behavior.

The influence of grain boundary state on the mechanical response of samples subjected

to sub-ablation-threshold fs-laser irradiation was investigated in the Q- and SC-Cu-Zr

samples. These samples have nominally identical chemistries and grain sizes, but with

different grain boundary structures. Figure 3.2c shows the effects of fs-laser irradiation

on the Q-Cu-Zr sample possessing AIFs, which manifests as up to a ≈ 60% (≈ 1.6 GPa)

maximum reduction in hardness, and Figure 3.2d shows the fs-laser effects on the SC-

Cu-Zr sample, which exhibits up to a ≈ 80% (≈ 2.5 GPa) decrease in hardness. In all

cases, the reduction in hardness monotonically increases with fluence up to a saturation

value near the ablation threshold. Hardness values in Figure 3.2c, d were extracted

from depths of 40 ± 5 nm in order to capture the near-surface effects of the laser.

Both Q-Cu-Zr and SC-Cu-Zr have similar initial hardness values, which is consistent

with previous investigations of these materials [73] that report a 10% difference in yield

strengths between the two samples. An analysis of the changes in hardness as a function

of depth will be presented in the following section. The ablation thresholds of the Q-Cu-

Zr and SC-Cu-Zr samples were 0.33 ± 0.02 J cm−2 and 0.5 ± 0.02 J cm−2, respectively

(Table 2.1). This difference in ablation thresholds will be discussed further, as, unlike the
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Figure 3.2: Hardness measured by nanoindentation as a function of laser fluence for all
samples. The green horizontal dashed line is the mean hardness of the non-irradiated
sample, and the ablation threshold is denoted by the vertical dashed line. a) Al-0.8 at.%O,
b) Al-4.8 at.%O, and several representative load-displacement curves for the untreated
and 0.066 J cm−2 treated regions. c) Q-Cu-Zr. d) SC-Cu-Zr, and several representative
load-displacement curves for the untreated and 0.495 J cm−2 treated regions. All data
plotted in b-d are at energies below the ablation threshold (vertical dashed line) for each
material.

Al-O samples, these samples have nominally the same grain size and chemistry, so any

difference in their ablation behavior is only due to the different grain boundary structures

present in the different samples.
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3.4 Depth dependence

To better characterize the intrinsic bounds of the laser induced change in hardness,

we frame our results in terms of the geometries of each sample. The two features of

the geometry in question are (i) the microstructure - grain size and grain boundary

thickness - and (ii) the optical penetration depth of the laser. To do this, we investigate

the depth dependence for all samples, with a focus on the Cu-Zr samples, as their bulk

form simplifies the interpretation compared to the nanocrystalline Al films on substrates.

The laser predominantly interacts with the material in the optical penetration depth

for 780 nm wavelength light, which can be calculated using δ = 1
α

= λ
4πκ

, where δ is

the optical penetration (or skin) depth, α is the optical absorption coefficient, λ is the

wavelength of irradiation and κ is the extinction coefficient. Appropriate parameters are

located in Table 2.1. κ for the Cu-Zr samples was calculated using a rule of mixtures,

κAB = χAκA + χBκB where κA and κB are the extinction coefficients of the pure metals

from Refs. [183–185], and χA and χB are the compositional ratios of A and B, respectively.

While the stress state resulting from fs-laser-matter interactions is complex and not

strictly confined to this skin depth, we expect the largest effect in this region. Sim-

ulations predict a lower ablation threshold for certain amorphous Cu-Zr compositions

compared to their crystalline counterparts [159], and also a lower ablation threshold for

nanocrystalline Al compared to single crystalline Al [158], so we posit that the total grain

boundary ’volume’ influenced by the laser will be important in understanding the resul-

tant mechanical deformation. By assuming an average grain size, shape, grain boundary

thickness, and approximate plastic zone, we calculate several quantities of interest - (i) an

approximate volume of material probed via indentation, (ii) the volume of grain bound-

ary regions probed, (iii) the volume of probed materials and grain boundaries that are

within the optical skin depth, as well as (iv) the volume fraction of ’affected’ grain bound-
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aries, defined as the ratio of the volume of boundaries within the optical skin depth of

the plastic zone to the volume of boundaries probed in the plastic zone of the indenter.

For the following calculations, we assume cuboidal grains with side lengths equal to the

average grain size and a constant grain boundary thickness for each material. For the

Cu-Zr samples, TEM measurements of grain boundary thicknesses from [73] of 3 nm

for the AIFs in Q-Cu-Zr and 0.5 nm for the ordered grain boundaries in SC-Cu-Zr are

used. As previously mentioned, a range of AIF thicknesses exists within any given sam-

ple. For reference, a typical distribution of AIF thicknesses for this sample is presented

in Ref. [73], and AIF thicknesses of roughly 3 nm were most commonly observed. We

assumed a grain boundary thickness of 0.5 nm for both Al samples, consistent with other

measurements of grain boundary thickness in the literature [186–188]. Schematically this

is shown in Figure 3.3, where the gray regions depict grain interiors and black regions

grain boundaries. The plastic zone size probed during indentation was assumed to be a

hemisphere with radius r = 1.9a where a is the contact radius of the tip at the prescribed

depth [189]. Additionally, to compare different samples and analyze intrinsic material

effects, we normalize the hardness as follows:

∆H

H
=
H(φ)−H(φ = 0)

H(φ = 0)
(3.1)

where H(φ) is the hardness of the material exposed to single pulse fs-laser pulses at

fluence φ. Figure 3.4 shows the normalized change in hardness as a function of the volume

fraction of affected boundaries for all samples. The data in Figure 3.4 was extracted from

regions with the largest change in hardness in Figure 3.2 - 0.178 J cm−2 for the Al-0.8

at.%O, 0.1 J cm−2 for Al-4.8 at.%O, 0.3 J cm−2 for Q-Cu-Zr, and 0.49 J cm−2 for SC-

Cu-Zr. Figure 3.4 indicates that, when normalized by the geometric constraints of the

samples, the observed softening appears to saturate at a threshold level of affected grain
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boundary volume fraction of ≈ 5 X 10−5. We investigated this behavior at all sub-

ablation fluences using the same analysis, and, for a given sample, the salient feature is

that the saturation threshold is constant, despite the different magnitudes of softening.

The relative magnitudes of the softening between samples also depend on the initial

reference state of each sample. The Al-0.8 at.%O exhibits an insignificant change in

hardness at all depths and sub-ablation fluences, whereas the Al-4.8 at.%O and SC-

Cu-Zr exhibit significant softening behavior. The Q-Cu-Zr shows a smaller magnitude

of softening, but exhibits similar trends compared to the Al-4.8 at.%O and SC-Cu-Zr

samples.

Figure 3.3: a) Schematic showing nanocrystalline sample being mechanically deformed
with an indenter and corresponding vertical cross-section. The red region indicates part
of the sample that has been irradiated with the laser. The light blue shaded hemispherical
region with radius r is the approximate plastic zone of the indenter, and δ is the optical
penetration depth of the laser. b) shows the approximate geometry used to calculate a
volume fraction of grain boundaries affected and probed.
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Figure 3.4: Normalized change in hardness as a function of volume fraction of affected
grain boundaries for all samples. Data presented here was extracted from indentation
measurements from regions with the largest change in hardness in Figure 3.2 - 0.178 J
cm−2 for the Al-0.8 at.%O, 0.1 J cm−2 for Al-4.8 at.%O, 0.3 J cm−2 for Q-Cu-Zr, and 0.49
J cm−2 for SC-Cu-Zr. Hardness reduction for the Al-4.8 at.%O, SC-Cu-Zr, and Q-Cu-Zr
saturate near a volume fraction of ≈ 5x10−5. The saturation behavior suggests that
the effects of the laser are spatially constrained to surface grain boundary regions, and
there is an intrinsic upper bound on the change in hardness associated with the fs-laser
treatments. Similarities in the magnitudes of the normalized change in hardness for the
Al-4.8 at.%O and SC-Cu-Zr suggest both samples are low energy reference configurations.

3.5 Discussion

3.5.1 Influence of grain boundaries

Our results presented thus far have indicated that (i) sub-ablation threshold fs-laser

irradiation causes dramatic (up to 80%) reductions in hardness in the nanocrystalline

alloys (Al-4.8 at.%O, Q- and SC-Cu-Zr) with very fine grain size (< 50 nm), (ii) negligible
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changes in hardness of larger grain nanocrystalline sample (Al-0.8 at.%O), and (iii) a

strong dependence on the geometry of the samples and fs-laser-material interaction. To

better understand these results, we begin by discussing the sample with the largest grain

size, where laser-material interactions are largely in the grain interiors.

Figure 3.2b indicates no significant change in hardness of the Al-0.8 at.%O sample

with increasing laser fluence. What differentiates this sample from the others in this

study is the larger grain size and smaller concentration of alloying additions (see Table

2.1). Performing the same geometric analysis as above, the Al-4.8 at.%O possesses a grain

boundary volume fraction of ≈ 7.5%, whereas the Al-0.8 at.%O has a grain boundary

volume fraction of ≈ 2%. The calculated optical penetration depth for both of these

samples is 7.3 nm, suggesting a smaller ’affected’ volume of grain boundary for the Al-

0.8 at.%O samples. Compared to the other samples, particularly the Al-4.8 at.%O, which

exhibit a large decrease in hardness, the absence of any change in hardness in the Al-

0.8 at.%O is noteworthy because it suggests that (i) the fs-laser interactions that cause

softening in the other samples occur predominantly at grain boundaries, that (ii) vacancy

or Frenkel pair formation within the grain interior is not responsible for the changes in

mechanical properties of the other samples, and that (iii) residual stresses and dislocation

activity induced by the laser are not responsible for the softening in other samples. Each

of these mechanisms will be discussed in detail below.

Due to the relatively large grain size of this sample (80 nm, primarily due to the

smaller amount of oxygen that decorates grain boundaries [72,190]), and the smaller vol-

ume of grain boundaries both affected by the fs-laser and probed during indentation, the

absence of a dramatic change in hardness in this sample indicates that grain boundaries

are responsible for the softening observed in other samples. This suggestion is further

corroborated by the results of molecular dynamics (MD) simulations [158] indicating

that energy deposition caused by the laser occurs differently due to the presence of grain
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boundaries, due to locally different electron-phonon (e-ph) coupling behavior. This will

be discussed further in Section 3.5.4.

Iyer et al. [191] showed using density functional theory (DFT) that the formation

enthalpy of point defects such as monovacancies, self-interstitials, and Frenkel pairs is

dramatically reduced under high hydrostatic tensile stresses. The authors in Ref. [191]

suggest that fs-laser ablation via void coalescence and spallation may be facilitated by

point defect formation under the large hydrostatic stresses induced by the fs-laser. The

DFT calculations suggest that the critical hydrostatic tensile stress for vacancy formation

is 9 GPa in Al. Atomistic simulations from Gill-Comeau and Lewis [158] suggest that,

while the maximum pressure induced by the fs-laser may reach values of close to 9

GPa prior to the onset of ablation in nanocrystalline Al, the maximum tension is much

lower, below 3 GPa. This, coupled with the lack of change in hardness of the Al-0.8

at.%O sample as compared to the Al-4.8 at.%O sample, suggests that the change in

mechanical properties is unrelated to point defect formation within the grain interiors

due to tensile hydrostatic stresses. In contrast, local atomic displacements and defects

may be induced at higher energy sites, such as grain boundaries or triple points, at lower

tensile hydrostatic stresses experienced during sub-ablation fs-laser irradiation. Taken

as a whole, it is evident in this relatively large-grained sample that any lattice defects

introduced by the laser interactions play a negligible role in controlling hardness.

Nanoindentation measurements of hardness are quite sensitive to residual stresses

[192]. The presence of tensile residual stresses due to fs-laser irradiation have not been

documented in the literature, however compressive residual stresses have been observed

during ablation [162]. Samples under a biaxial tensile residual stress show a strong

softening behavior in nanoindentation [192]. However, due to the absence of any change

in mechanical response of the Al-0.8 at.%O sample, the injection of residual stresses into

this material from sub-ablation threshold fs-laser treatments is not a viable explanation
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for the observed softening.

3.5.2 Potential softening mechanisms

To explain the laser-mediated observed softening effect in the Al-4.8 at.%O and Cu-

Zr samples, we hypothesize four potential mechanisms that could cause the observed

decrease in hardness: (i) grain growth, (ii) nucleation and coalescence of porosity, (iii)

(de)segregation of solute atoms, and (iv) grain boundary rejuvenation - subtle atomic

rearrangements at boundaries akin to rejuvenation in amorphous alloys.

Fs-laser ablation is thought to be caused by mechanical spallation rather than melting

or evaporation, which occur too slowly and with too large of a damaged zone to be

responsible for ultrafast laser ablation [152]. However, thermal effects are present and

should not be ignored, especially at low fluences and high pulse numbers [193,194]. Due

to the propensity for grain growth of nanocrystalline metals both due to thermal loads

and stress, coarsening may be responsible for the observed softening seen in Figure 3.2.

To examine any coarsening due to fs-laser treatments, TSEM [195] was performed on the

Al-4.8 at.%O sample. Figure 3.5a shows the microstructure of the as-deposited Al-4.8

at.%O. Figure 3.5b shows the microstructure of the 0.066 J cm−2 laser treated Al-4.8

at.%O. No obvious grain growth is seen in these images, certainly not corresponding

to the magnitude predicted by a simple Hall-Petch analysis [4, 196–198]. Based on this

analysis and the TSEM images, we conclude that softening due exclusively to grain

growth is not a reasonable explanation for the observed behavior.

Figure 3.5c shows a high angle annular dark field (HAADF) TSEM image of the

0.066 J cm−2 laser treated Al-4.8 at.%O. HAADF is sensitive to local chemistry and

mass-thickness product of the sample [199], so porosity would manifest as dark regions

in the image. Figure 3.5c indicates no obvious porosity due to fs-laser irradiation. While
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Figure 3.5: a) BF TSEM image of a cross section of the untreated Al-4.8 at.%O sample.
b) BF TSEM image of a cross section of the 0.066 J cm−2 treated Al-4.8 at.%O sample,
the fluence that corresponds to the maximum change in hardness observed in this sample.
C) HAADF TSEM image of a cross section of the 0.066 J cm−2 treated Al-4.8 at.%O
sample. The fs-laser irradiation direction is from the top.

simulations [160] indicate that subsurface porosity generation is possible during fem-

tosecond laser ablation under some conditions, we see no evidence of this occurring here.

Figure 3.5c contains slight differences in intensity within the sample, predominantly due

to different grain orientations and concentration of O at grain boundaries, which has been

previously investigated in these samples by atom probe tomography [71,190]. These ob-
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servations suggest that evolution of porosity is not the dominant mechanism behind the

observed softening.

Much of the strength and stability of these nanocrystalline alloys can be attributed

to solute (O for the Al-4.8 at.%O, and Zr for the Cu-Zr samples) located at the grain

boundaries that serves to stabilize the nanostructure and mediate intergranular defor-

mation mechanisms. Recent work by Hu et al. [23] indicated that annealing-induced

grain boundary segregation of Mo in nanocrystalline Ni-Mo alloys resulted in increases

in hardness of several GPa for all samples tested with only moderate increases in grain

size. The most dramatic change shown in [23] was for the highest Mo concentration

studied (Ni-21.5 at.% Mo), which underwent a 128% increase in hardness from ≈ 4.9

GPa to 11.2 GPa. Thus, the mechanical properties of this system can be tied to the

grain boundary structure and solute excess. If the grain boundary structure were to be

modified by forcing some solute atoms into the interior of the grain, i.e. desegregation,

this could manifest as softening. For this to be a measurable effect, it requires that the

structure not relax to its initial state prior to indentation - i.e. a solute atom displaced by

the laser could not segregate back to the grain boundary at room temperature. Looking

at the Al-4.8 at.%O sample, we see that this diffusion time is far too short to produce a

measurable effect.

While diffusion coefficients of O in Al are difficult to measure experimentally, we

expect the diffusivity to be generally faster than that of Oxygen in α-Al2O3, which we

will use as a lower bound. At room temperature, we calculated a lower bound diffusion

coefficient of Do = 4.29 cm2 s−1 using the model proposed in Ref. [200]. Assuming a

diffusion depth of x ≈
√

4Dot, and an average grain size of 20 nm, the time needed for

the solute to diffuse back to a grain boundary would be t ≈ x2

4Do
≈ (20nm)2

4Do
< 2× 10−13s,

which implies that any interstitial O displaced as a result of fs-laser irradiation would have

diffused to the grain boundary in the time between the laser treatment and indentation.

65



Femtosecond Laser Rejuvenation of Nanocrystalline Metals Chapter 3

Hence, we conclude that this type of chemical effect is not responsible for the softening

we measure.

3.5.3 Rejuvenation

We thus hypothesize that the observed softening caused by the fs-laser is mechanisti-

cally rooted in the high local stresses at grain boundaries produced by the fs-laser, which

induce short-range atomic rearrangements that serve to decrease the apparent hardness.

We adopt the term rejuvenation to echo similar descriptions utilized in the metallic glass

community, where rejuvenation processes have been shown to elicit dramatic softening

measured by a decrease in hardness and modulus, as well as the potential for tensile

ductility [87]. Rejuvenation in the metallic glass community has been described as an

increase in the overall energy of the system by occupying higher-energy metastable struc-

tural states [87]. This mechanism concentrated at grain boundary regions is predicated on

the existence of a multiplicity of inherent metastable structural configurations, as recently

suggested by Refs. [47, 201]. This process is akin to rejuvenation processes employed by

the metallic glass community, which induces softening and suppresses catastrophic shear

localization. The effect of rejuvenation processes in metallic glasses depend upon the

initial energy state, and are also completely recoverable through subsequent relaxation

treatments such as low temperature annealing [87,94]. Drawing these parallels to fs-laser

irradiation of nanocrystalline metals, we explore the effects of the initial energy state

between the SC-Cu-Zr and Q-Cu-Zr samples, as well as the effects of low temperature

annealing performed on the SC-Cu-Zr and Al-4.8 at.%O.
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3.5.4 Initial energy state

Figure 3.4 allows us to compare the effects of fs-laser treatments on two samples with

the same chemistry but different initial energy states - the Cu-Zr alloy samples. The

Q-Cu-Zr sample with amorphous boundaries represents a high-energy, non-equilibrium

initial state, whereas the SC-Cu-Zr samples exhibit grain boundary structures closer

to equilibrium. Since rejuvenation processes raise the energy of the system, driving

it further from equilibrium, we expect that the Q-Cu-Zr sample will have a smaller

magnitude change than the SC-Cu-Zr subject to any rejuvenation process. Simulations

of amorphous solids have shown the presence of distinct solid-like and liquid-like atomic

structures, and that the relative fraction of solid-like and liquid-like environments can be

tailored through various processing, such as different cooling rates [90]. The higher energy

states of the solid will exhibit more liquid-like environments, and when the material is

composed of completely liquid-like structures, it is effectively a supercooled liquid. In

our case, the fs pulses of energy are being utilized to drive the system energetically

uphill, and a large volume fraction of initially liquid-like structures may drive the system

toward an earlier onset of ablation. Figure 3.4 indicates that the Q-Cu-Zr exhibits

a smaller magnitude of the saturation ∆H/H than the SC-Cu-Zr. Furthermore, the

ablation threshold of the SC-Cu-Zr sample is approximately 50% higher than the Q-

Cu-Zr. Both of these observations are in line with the supposition that sub-ablation

threshold fs-laser treatments can be understood as a rejuvenation process, and can also

be reconciled by considering the physics of the fs-laser-material interactions. Namely,

these interactions rely on the disparity between electronic excitation, which occurs in

fs, and phononic relaxation, which occurs in ps. Thus, in materials with heterogeneous

atomic structures, there may be heterogeneous relaxation behavior due to locally different

electron-phonon (e-ph) coupling. In the Cu-Zr alloys, this plays a significant role. It has
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been shown in MD simulations that disordered CuZr2 has an e-ph collision rate that is

over an order of magnitude larger than pure Cu, and an e-ph coupling factor double that

of pure Cu at low temperatures [159]. This difference in e-ph coupling times in amorphous

and crystalline Cu-Zr may lead to locally higher energy deposition in regions with the

stronger e-ph coupling and shorter e-ph coupling time. The role of grain boundaries

on e-ph coupling times and strength is debated in the literature [158, 202, 203]. Gill-

Comeau and Lewis [158] performed MD simulations of fs-laser ablation for nanocrystalline

Al, accounting for the effects of grain boundaries on e-ph coupling, and found that

nanocrystalline Al has an earlier onset of ablation than single crystal Al, in general

agreement with our experimental results here. We suggest that, similar to the analysis

performed by [158], grain boundary regions have characteristically larger e-ph coupling

factors and shorter equilibration times. This implies that the fs-laser affords the unique

ability to locally deposit energy at grain boundary regions. As a consequence, the higher

volume fraction of amorphous material localized at grain boundary regions in the Q-

Cu-Zr sample would exhibit an earlier onset of ablation, as there is a faster and more

dramatic electronic relaxation process occurring in this material. The SC-Cu-Zr sample

has a smaller volume of disordered material, and would be expected to have a higher

ablation threshold - in agreement with our observations.

The smaller magnitude ∆H/H in the Q-Cu-Zr can be reconciled as follows: if we

envisage that the laser causes small structural changes in the grain boundaries that

drive them further from equilibrium, the sample with a relaxed (more equilibrium) grain

boundary structure will be able to access more metastable, high-energy configurations,

compared to an initially non-equilibrium, high energy grain boundary structure. In

other words, occupying a deeper position in the basin of the energy landscape provides

ample room for moving energetically uphill. This broader range of metastable states

implies a larger ∆H/H. This also follows logically from an e-ph relaxation perspective
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- small atomic rearrangements in the amorphous region where the majority of the e-

ph equilibration occurs would not necessarily lead to drastic differences in mechanical

behavior, as the formation of a shear band is suppressed at these length scales [204]. Thus,

prior to the onset of ablation, a smaller change in hardness is expected in the Q-Cu-Zr

sample than the SC-Cu-Zr. This is seen in Figure 3.4, where the Q-Cu-Zr undergoes a

57% reduction in hardness, whereas the SC-Cu-Zr undergoes an 87% reduction.

Figure 3.4 also shows the normalized change in hardness for the Al samples. Inter-

estingly, the grain boundary volume dependence and normalized change in hardness of

the Al-4.8 at.%O and SC-Cu-Zr are quite similar in this plot. This can be ascribed to

both samples containing initially relaxed, low energy grain boundary configurations. The

Al-4.8 at.%O, despite its fine grain size, is stabilized by the high solute concentration,

evidenced by the apparent mechanical stability of this sample [71]. A similar interpreta-

tion for the SC-Cu-Zr can be inferred owing to its thermal history and the tendency for

Zr segregation to grain boundaries.

3.5.5 Relaxation annealing

Annealing experiments were performed on the irradiated Al-4.8 at.%O and SC-Cu-Zr

samples to determine if the observed decrease in hardness is recoverable. Since AIFs are

only in equilibrium at very high temperature and are kinetically frozen in at room tem-

perature, an annealing treatment would likely remove any AIFs present. Therefore, we

do not anneal the Q-Cu-Zr sample here. All heat treatments were performed in a quartz

tube furnace in an Ar environment (< 10−8 ppm O2) to minimize additional oxidation.

The Al-4.8 at.%O film was annealed for 90 min at 205 ◦C. The SC-Cu-Zr sample was

annealed for annealed for 120 min at 350 ◦C. Temperatures were chosen to be ≈ 0.5 Tm,

slightly higher than other relaxation heat treatments reported for nanocrystalline met-
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als [23, 43, 44, 205]. Relaxation annealing temperatures are chosen to be low enough to

preclude grain growth, but high enough to allow short-range diffusive atomic rearrange-

ments, predominantly at grain boundaries where the structural disorder and diffusivities

are much higher. The higher temperature range was selected due to the apparent ther-

mal stability of these samples, owing to the high propensity for solute segregation in

these material systems [73,75,190]. To ensure that the microstructure does not undergo

coarsening during this annealing treatment, TEM investigations of grain size were con-

ducted. The average grain size of the Al-4.8 at.%O after annealing was 22 ± 9 nm, and

the average grain size of the SC-Cu-Zr after annealing was 44 ± 16 nm. We note no

significant coarsening of the microstructure or recrystallization after annealing at these

modest temperatures.

Indentation tests were performed on the same regions before and after annealing

to elucidate any changes in mechanical properties caused by the heat treatment. Fig-

ure 3.6a,b show the hardness measurements of the Al-4.8 at.%O and SC-Cu-Zr samples

conducted before and after relaxation annealing, with the duration and homologous tem-

peratures of the heat treatment indicated in each plot. The green horizontal dashed line

indicates the mean initial, non-irradiated hardness measured for each of the two sam-

ples. Annealing returned the hardness of the Al-4.8 at.%O to 2.44 GPa, compared to a

hardness of 0.57 GPa after irradiation, and the SC-Cu-Zr to 2.87 GPa, compared to a

hardness of 0.77 GPa after irradiation. These results indicate that the effect caused by

the fs-laser treatments is fully reversible upon annealing, and the initial mechanical prop-

erties of the samples are recovered. By recovering the same hardness value as the initial

non-irradiated samples, we can conclude that the initial energy state of both the Al-4.8

at.%O and SC-Cu-Zr samples is relatively low, and any effects induced by the fs-laser

can be reversed through boundary-mediated mechanisms operative at low temperatures.

Figure 3.6c shows the modulus data for the SC-Cu-Zr sample, indicating that the fs-laser
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induces small changes in modulus. It appears that the two areas probed after annealing

have statistically insignificant changes in modulus. The recoverability of the mechanical

response after low temperature annealing further proves that grain growth and evolution

of porosity are not responsible for the change in mechanical properties, as the tempera-

tures for this annealing treatment were not high enough to remove porosity or coarsen the

grains. Further kinetic studies are necessary to fully characterize this relaxation process

and identify activation energies associated with the rate-limiting mechanisms.

3.5.6 Mechanisms of nanocrystalline fs-laser mediated rejuve-

nation

We hypothesize that several mechanisms may be operative in eliciting rejuvenation,

but they are all predicated on the physical underpinning of local atomic shuffling leading

to metastable grain boundary configurations. This phenomenon can be represented in

a number of ways - accessing various micro degrees of freedom at grain boundaries [47],

civilian or military shuffling modes at grain boundaries [33], grain boundary structural

transitions [66,206], modification of disconnection densities [55], or shear transformation

zone (STZ)-like activity [36, 40, 42]. Han et al. [47] show using MD simulations that a

bicrystal can exhibit many metastable grain boundary structures for a given misorienta-

tion. The high stresses involved during fs-laser processes may be sufficient to modify the

structure of grain boundaries, as suggested by Iyer et al. [191]. While Ref. [191] focuses

on point defect formation, they argue that at grain boundaries or other high-energy sites,

the critical stress needed to form a vacancy or Frenkel pair may decrease to be energeti-

cally favorable from stresses induced by the fs-laser. The presence of these defects along

a grain boundary may change the atomic structure of the boundary to a higher energy

configuration. Similarly, the high stresses may enable other shuffling modes at grain
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Figure 3.6: Effects of recovery annealing heat treatments on the Al-4.8 at.%O and the SC-
Cu-Zr samples. a) Hardness as a function of the normalized fluence for the Al-4.8 at.%O
sample. Normalized fluence is the measured fluence divided by the ablation threshold
for each material. Filled black circles indicate the material prior to annealing, and the
open black squares are the measurements conducted after annealing at 205 ◦C for 1.5
hours. b) Hardness as a function of normalized fluence for the SC-Cu-Zr sample annealed
at 350 ◦C for 2 hours. Initial measurements prior to annealing are indicated by filled
in orange circles, whereas measurements performed after annealing are shown as open
orange squares. c) Shows the measured modulus for the SC-Cu-Zr sample annealed at
350 ◦C for 2 hours as a function of normalized fluence, and d) shows the ratio of the
hardness to the modulus as a function of average fluence for the same sample.

boundaries [33], which also enable the formation of high-energy grain boundary struc-

tures. The presence of metastable grain boundary structures has been shown to affect the

operative deformation mechanisms, favoring grain boundary sliding, void formation and

intergranular cracking [13]. STZ-like activity at grain boundary regions of nanocrystalline
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metals has been reported for materials with small grain sizes [36,40,42,46], where STZs

can coalesce to form a catastrophic shear band. Recent results showing that the size of

correlated regions participating in STZ-like rearrangements is of the order of the particle

diameter (atomic size) [207] lends credence to the idea that rearrangements can occur

even in spatially constrained grain boundary regions. Activation of STZ-like mechanisms

during deformation would significantly decrease the strength of a material, as evidenced

by the softening behavior of nanocrystalline metals commonly observed at very fine grain

sizes [36]. Given the subtlety of the structural changes occurring at the atomic scale at

grain boundaries, advanced characterization methods will be needed to elucidate the

differences in atomic configurations responsible for the changes in mechanical behavior.

3.6 Generality and applicability to other alloys

3.6.1 Grain boundary molecular dynamics simulations

In order to investigate the atomistic details of grain boundary rejuvenation and pro-

vide insight into the experimental results above, Bai et al. [143] performed MD simula-

tions on metastable grain boundaries in Cu to investigate their energetic evolution. While

greater detail is provided in Ref. [143], the basic premise of these simulations was to inves-

tigate the structural evolution of grain boundaries subject to various thermal exposures,

including isothermal holds and rapid heating/cooling. By mapping out the evolution of

these metastable grain boundary structures subject to various thermal profiles, a broadly

applicable potential-energy-landscape (PEL) description of grain boundaries can be eluci-

dated, presenting a physics-based, fundamental description of grain boundary evolution,

including a description of events that occur during fs-laser irradiation.

Many grain boundary structures were instantiated by locally perturbing an ideal grain
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boundary, as shown in Figure 3.7. These boundaries were then subjected to isothermal

annealing at various temperatures, results of which are also presented in Figure 3.7.

The energetic evolution of these grain boundaries is sensitive to both the temperature of

the isothermal hold and the initial energetic state, meaning that thermal exposures can

either induce a decrease in grain boundary energy - relaxation or ageing - or an increase

in energy - rejuvenation - depending on their initial energy or the temperature during

annealing.

Figure 3.7: (Left) A multiplicity of metastable Σ5 (310) GBs. (Right) Energtic evolution
during isothermal annealing at various temperatures from 0 K to 1300 K.

Coupling the direct outputs from these heating simulations, which include the grain

boundary energy and structure, with activation-relaxation-techniques that provide the

activation and relaxation energy spectra for the grain boundaries, a map of grain bound-

ary energetic evolution was produced (Figure 3.8a). This map also includes the physics-

based PEL-type description of the grain boundary evolution, with the relaxation - re-

juvenation crossover denoted by the yellow points. The yellow dashed line reflects the

simulated relaxation - rejuvenation crossover point, demonstrating excellent agreement.

Additional MD heating simulations performed on a relaxed grain boundary (shown in
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Figure 3.8b) demonstrate the validity of the PEL description. The heating experiments,

which were truncated at several temperatures in the rejuvenation regime (blue arrows),

demonstrate the energetic hysteresis of the grain boundaries. At temperatures above the

crossover, the energy of the grain boundary continues to increase even during cooling;

however, after cooling below the crossover, the energy of the grain boundary decreases.

Figure 3.8: (a) Map of GB’s energetic variation rate in energy-temperature space. In
the blue regime (∂Eis

∂t
)|T < 0, and the system exhibits an ageing behavior; while in the

red regime the energy derivative is positive, and the system exhibits rejuvenation. The
ageing/rejuvenating crossover boundary is marked by the dashed yellow curve. The open
yellow squares with error bars are the theoretically calculated steady state solutions.
(b) MD validations on GB’s metastability evolution under fast heating-cooling cycles
at the rate of 10 K ps−1. The anomalous peaks in the truncated thermal cycles (i.e.
heating/cooling switching at intermediate temperatures of 940 K, 1000 K, and 1050
K marked in the plot) overlap well with the dashed yellow curve extracted from (a),
suggesting the validity of the obtained ageing/rejuvenating mechanism map.

These simulations present additional corroboration of the rejuvenation of grain bound-

aries, and the potent similarities between nanocrystalline metals and metallic glasses.

Given the well established link between grain boundary energy and strength in nanocrys-

talline metals [67], this description of the energetic evolution of grain boundaries is ex-

tremely informative for developing the scientific understanding of the strength of materi-

als which exhibit predominantly intergranular plasticity, as well as processing-properties
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relationships for these materials. The results also lend credence to the origin of fs-laser

effects hyptothesized above, as an energetic pulse at a fixed temperature (or a rapid

heating and cooling cycle) may increase the energy of the grain boundaries, reducing the

strength (hardness) of the material.

3.6.2 Applicability to other alloys

Additional experiments on HPT refined, nanocrystalline 316L steel samples and sput-

ter deposited Al-Ni-Ce samples were performed to investigate the generality of fs-laser

rejuvenation across nanocrystalline alloys, specifically multicomponent alloys. Figure

3.9a-b) presents the reduction in hardness manifest in both as-deposited and relaxed

conditions for the Al-Ni-Ce and 316L alloys, respectively. For further comparison, the

normalized hardness data for all alloys subjected to fs-laser processing are presented in

Figure 3.9c. These data, in conjunction with the previous investigations on other Al and

Cu alloys, as well as detailed atomistic simulations, suggest that the reduction in hard-

ness during rejuvenation processing (fs-laser irradiation) is an inherent property of grain

boundaries, and thus material agnostic. Samples with higher energy grain boundaries

exhibit suppressed ablation thresholds and smaller reductions in hardness for both bi-

nary and chemically complex nanocrystalline materials. This behavior is quite apparent

in the chemically complex 316L steel. In the as-deformed state, this material undergoes

a mild decrease in hardness as a result of laser rejuvenation. By relaxing the material

by annealing it at 550 ◦C for 1 hour prior to laser irradiation, the material subsequently

exhibits a nearly 90% decrease in the normalized hardness owing to laser rejuvenation,

strongly implicating the importance of the initial GB state.
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Figure 3.9: a) Hardness vs fluence for as-deposited Al-Ni-Ce and 200 ◦C annealed Al-Ni-
Ce nanocrystalline alloys. b) Hardness vs fluence for as-refined and 550 ◦C annealed 316L
samples. The red curves represent higher energy samples while the blue curves represent
lower energy samples. c) Normalized change in hardness as a function of normalized laser
fluence for all materials investigated.

3.7 Conclusions

The mechanical measurements and characterization of nanocrystalline Al-O and Cu-

Zr alloys subject to sub-ablation threshold fs-laser treatments presented in this chap-

ter suggest the following conclusions. Nanoindentation measurements indicate that

sub-ablation-threshold fs-laser treatments cause a significant decrease in hardness in

nanocrystalline metals with grain sizes finer than 50 nm. The induced softening can

be ascribed to the fs-laser interaction with grain boundary regions, due to structural and

chemical heterogeneities. Coarsening, porosity, and segregation effects can be ruled out

as causes for the softening. The reduction in hardness is depth dependent, and consis-

tent across samples normalized for grain boundary volume. The magnitude of softening

caused by the fs-length laser pulses is dependent upon the initial energetic state of the

material - samples with non-equilibrium grain boundary structures had a smaller magni-
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tude softening prior to ablation, whereas samples near equilibrium had large tunability

in hardness. The softening induced by the fs-laser is fully recoverable upon annealing at

low temperatures, suggesting that atomic motion at grain boundary regions (operative

at such low temperatures) is responsible for both the softening and relaxation. The fs-

laser treatment evidently concentrates its deposition of energy in grain boundary regions

possessing disorder, with minimal impact to the crystalline grain interiors.

The simulation work performed by Bai et al. [143] provided further insight into the

fundamental underpinnings of grain boundary rejuvenation, motivating additional stud-

ies on highly alloyed systems (316L steel, Al-Ni-Ce). These studies indicate the broad

applicability of ’rejuvenation’ processing across alloy systems. The simulations them-

selves suggest that PEL analysis is readily applicable to grain boundaries, presenting a

new outlook for processing of nanocrystalline metals.

This chapter suggests that the similarities between nanocrystalline metals and amor-

phous alloys are vast, and that our understanding of mechanical behavior of nanocrys-

talline metals may be greatly informed by the metallic glass community. The application

of processing strategies across disciplines, such as fs-laser processing, and material classes

can be useful in broadening the tunability and functionality of nanocrystalline materi-

als. The premise of structural rejuvenation of nanocrystalline metals and its impact on

properties such as ductility and damage tolerance is a promising area for future research.
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Chapter 4

Effects of Alloying on Deformation

Behavior of Nanocrystalline

Al-Ni-Ce

Rejuvenation processing, while promising for modifying the grain boundary state and

concomitant deformation behavior of nanocrystalline metals without altering their chem-

istry, is only one avenue for tailoring the behavior of nanocrystalline metals. Alloying to

improve microstructural stability has been studied extensively and can greatly impact

the grain boundary structure in nanocrystalline alloys. In this chapter, the effects of

targeted alloying on the grain boundary structure, and corresponding mechanical prop-

erties of a nanocrystalline Al alloy are discussed. The Al alloy investigated exhibits many

desirable properties, such as a very small grain size (7.6 nm), high hardness (exceeding

4.6 GPa) and thermal stability (up to 0.7 Tm) due to the chemical segregation behavior

of Ni and Ce alloying additions. This alloy also exhibits strong sensitivity to thermome-

chanical processing, where relaxation annealing induces a dramatic increase in hardness

and transition in deformation behavior.
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4.1 Al-Ni-Ce alloy design

While binary nanocrystalline alloys have been studied extensively, the role of alloy-

ing in multicomponent systems is not as well characterized. Recent work from Xing et

al. [208] demonstrates that the synergistic behavior of alloying additions in ternary and

higher order alloys can deviate significantly from the anticipated pairwise interactions,

giving rise to unexpected microstructural stability. As such, given the limited selection

of binary alloying additions for Al-base alloys, as well as the potential for myriad grain

boundary structural motifs with a variety of atomic species, designing a ternary Al-based

nanocrystalline alloy that exhibits a strong propensity for co-segregation of alloying addi-

tions to grain boundaries may provide a unique opportunity to probe these phenomena,

as well as develop an Al alloy with exceptional properties.

Multicomponent nanostructured Al alloys have been reported in studies of partially

crystallized amorphous alloys, which exhibit desirable properties such as high strength

and low density [82, 209–212]. In amorphous Al-based alloys, combinations of transition

(TM) and rare earth (RE) metals are frequently used as alloying additions to increase the

complexity of crystallization products, thereby increasing the glass formability of these

systems [82]. Al-TM-RE alloys have high strength and a variety of unique microstruc-

tures [82, 213]. While the Al-TM-RE alloy space is broad, the Al-Ni-RE ternary system

has been characterized, and appears promising. Multiphase Al-Ni-RE crystalline alloys

exhibit desirable solidification microstructure formed during casting, as well as their ther-

momechanical properties owing to thermally stable nanoscale precipitates [209]. Various

RE elements have been studied in these systems, but Ce is promising for a variety of

reasons. Binary Al-Ce alloys are being investigated as promising alloys for additive man-

ufacturing due to the high thermal stability, as well as relative abundance of Ce from

various RE production [214]. The thermal and mechanical behavior of amorphous Al-
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Ni-Ce alloys have been characterized quite extensively [82,210,213,215–218], and exhibit

thermal behavior that is desirable for a nanocrystalline system. After annealing at low

temperatures, Al-Ni-Ce amorphous alloys first crystallize through the nucleation of FCC-

Al particles in an amorphous matrix [216]. Then, due to the negligible solubility of Ce

and Ni in FCC-Al, these elements are rejected into the amorphous material surround-

ing the FCC-Al nuclei. This strong propensity for elemental segregation of Ni and Ce

away from crystalline Al suggests that these may be suitable alloying additions for a

nanocrystalline Al alloy. These attributes suggest that a single phase nanocrystalline

Al-Ni-Ce based alloy may exhibit both enhanced thermal and mechanical stability due

to the strong tendency for Ni and Ce to segregate during low temperature annealing,

as well as the potential for the formation of amorphous intergranular films due to the

overall glass formability of this alloy space [125,219].

4.2 Al-Ni-Ce vs. pure Al: microstructure and prop-

erties

High angle annular dark field (HAADF) STEM micrographs from the thin as-deposited

Al85Ni10Ce5 samples shown in Figure 4.1a demonstrate the extremely fine microstructure

produced during the interrupted sputtering of such a highly alloyed Al-based system.

Conversely, the bright field STEM micrograph of the pure Al (Figure 4.1b) exhibits a

much larger grain size. Using dark field (DF) TEM for the Al85Ni10Ce5 and annular

dark field STEM for the pure Al, grain size distributions were measured (Figure 4.1c).

Average grain sizes of 28 ± 11 nm for the pure Al sample and 7.6 ± 2 nm for the

Al85Ni10Ce5 were measured. As the thin specimens are only ≈ 40 nm thick, the grain

size of the pure Al sample is slightly larger than half of the film thickness - a common
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observation for sputtered films at relatively high homologous temperatures [144]. The

HAADF micrograph of the as-deposited Al85Ni10Ce5 exhibits relatively uniform contrast

with small domains outlined in regions of higher contrast, presumably Al enriched in

Ni and Ce given the atomic number contrast [220]. The size of domains observed in

the HAADF image correspond to the grain size measured from DF TEM imaging. Due

to the negligible solubility of either Ni or Ce in Al [210, 211], and the high homologous

temperature of Al at room temperature, moderate segregation of these elements to grain

boundaries in the as-deposited microstructure is expected.

Figure 4.1: STEM micrographs and corresponding grain size distributions of thin samples
on C-TEM grids. a) HAADF STEM image of the as-deposited Al85Ni10Ce5, b) BF STEM
image of the Al sample, and c) grain size statistics generated from DF TEM images of the
Al85Ni10Ce5, and annular DF STEM images of the Al. The inset in a) is a corresponding
DF image of the as-deposited Al85Ni10Ce5.

Selected area diffraction (SAD) patterns taken with a 10 µm diameter aperture

82



Effects of Alloying on Deformation Behavior of Nanocrystalline Al-Ni-Ce Chapter 4

(Figure 4.2a-b) demonstrate a single-phase FCC structure for both the pure Al and

Al85Ni10Ce5. The SAD pattern from the pure Al exhibits several distinct spots resulting

from diffraction of individual grains, rather than a continuous ring, due to the larger

grain size (see Figure 4.1c). Given the high glass formability of this alloy, the absence of

a typical amorphous halo in the diffraction pattern of the Al85Ni10Ce5 is surprising. To

further analyze any structural differences between pure Al and Al85Ni10Ce5, the radially

integrated intensity of the diffraction patterns is shown Figure 4.2c. We observe only a

small broadening of the {111} peak in the Al85Ni10Ce5 sample and presence of higher

order planes in the diffraction pattern, suggesting that the sample is predominantly crys-

talline. Further examination of Figure 4.2c indicates a small shift in the peak locations

in the Al85Ni10Ce5 compared to the pure Al. Using Gaussian peak fitting of the {111}

peak location, we measure a lattice parameter of 4.065 Å for the Al85Ni10Ce5 sample,

corresponding to a ≈ 0.5% lattice expansion compared to pure Al (dashed lines in Figure

4.2d). This suggests the formation of a non-equilibrium, supersaturated solution of Ni

and Ce in a nanocrystalline Al microstructure - a feature often reported in alloys prepared

via sputter deposition [14,144].

Figure 4.2: a-b) Diffraction patterns taken from the thin Al85Ni10Ce5 and Al samples.
c-d) corresponding integrated azimuthal intensity.

While these results are indicative of the behavior of the 40 nm thick films, we do not
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observe significant differences between these and the 1 µm thick Al85Ni10Ce5 films. As

will be discussed in Section 4.3.2, the average grain size and composition measured from

the cross-sectional TEM observations of the thick Al85Ni10Ce5 films are nearly identical

to those measured in Figure 4.1. Similar studies on nanocrystalline Al alloys [71,72] have

also demonstrated that, while there may be a slight difference in the grain aspect ratio

of thicker films compared to plan view TEM samples, the microstructures are otherwise

comparable. As such, we posit that observations made on thin Al85Ni10Ce5 specimens

can be extended to that of the thick films.

The mechanical properties of thick samples (both pure Al and Al85Ni10Ce5) deposited

onto Si (100) wafers were measured by nanoindentation. Figure 4.3 shows representative

indentation morphologies observed in the SEM, along with load-displacement data from

20 indentations performed on each of these samples. These experiments were performed

at an indentation strain rate of 0.1 s−1 to a fixed depth of 500 nm. The indented

Al85Ni10Ce5 shown in Figure 4.3a exhibits profuse shear band formation both in the pileup

region as well as beneath the indenter. This behavior during indentation experiments,

often observed of amorphous metals, is rarely observed in crystalline materials. The

presence of these shear bands in the indented Al85Ni10Ce5 will be discussed in great

detail in Section 5.1. The hardness values of the pure Al and the Al85Ni10Ce5 are 0.99

± 0.19 GPa and 4.67 ± 0.24 GPa, respectively. These values were extracted from a

depth of 100 nm to minimize any influence from the substrate. While residual stresses

can affect the mechanical properties measured during indentation [192], these differences

arise due to contact area discrepancies, and disappear when the contact area is corrected.

Using the final contact area measured in the SEM (Figure 4.3a), we note an error of less

than 0.5% between the hardness reported in Figure 4.3c using the CSM technique and

the hardness calculated using the final load and contact area measured in SEM. It is

clear from Figure 4.3b that the pure Al film is quite rough, and the average grain size
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in the pure Al thick films is likely larger than reported in Figure 4.1. The surface

roughness is consistent with other observations of sputtered Al films, particularly those

sputtered at high rates [71, 72, 144]. The large grain size is likely due to the absence of

any alloying elements or impurities which would serve to pin the grain boundaries and

preserve the small grain size during deposition of the pure Al. For pure metals, the grain

size is typically dependent upon the thickness of the film, which explains the apparent

discrepancy [144]. This behavior is not observed in systems with alloying additions to

stabilize the grain size, such as the Al85Ni10Ce5 (see additional observations in Section

4.3.2).

Figure 4.3: Indentation morphology observed in SEM of thick a) as-deposited Al85Ni10Ce5

and b) Al samples, along with corresponding load-depth curves c).
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4.3 Annealing effects

4.3.1 Microstructural evolution and mechanical properties

In order to study the effects of annealing on the nanocrystalline Al85Ni10Ce5, par-

ticularly the tendency for co-segregation of Ni and Ce to grain boundaries and the

subsequent mechanical behavior, both the thick and thin samples were subjected to

isochronal-isothermal annealing at 200 ◦C, 325 ◦C, and 380 ◦C. The microstructures of

the thin annealed samples are presented in Figure 4.4. Micrographs of the as-deposited

sample and those annealed at 200 ◦C and 325 ◦C (Figure 4.4 a-c) were acquired using

HAADF STEM imaging, whereas the sample annealed to 380 ◦C (Figure 4.4d) was im-

aged using conventional bright field TEM. It is clear from the microstructural images

in Figure 4.4a-c that annealing up to 325 ◦C induces strong chemical segregation with

negligible grain coarsening. This segregation behavior is consistent with the literature on

amorphous Al-Ni-Ce alloys, where diffusion of Ni and Ce away from FCC-Al nuclei pre-

cedes second phase precipitation [210,211]. At temperatures above 380 ◦C, intermetallic

phases such as Al3Ni and Al11Ce3 [218] begin to precipitate out and the microstructure

coarsens rapidly to form the eutectic microstructure observed in Figure 4.4d.

Mechanical properties of the thick samples subjected to identical annealing procedures

were probed using nanoindentation. These indentation experiments were performed at

strain rates varying from 0.01 s−1 to 1.00 s−1. Indentation hardness and modulus values,

extracted from 100 nm depths for all samples and strain rates tested, are presented

in Figure 4.5. We observe that at temperatures below 380 ◦C, there is an increase

in both hardness (∆H = 0.95 GPa) and modulus (∆E = 20 GPa). At 380 ◦C, the

hardness begins to decrease, concomitant with the microstructural coarsening observed

in Figure 4.4d. Figure 4.6 shows the hardness as a function of nominal indentation

strain rate, along with corresponding activation volume (ν = 3
√

3∂ log ε̇
∂H

) and strain rate
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Figure 4.4: Microstructure of the thin samples on C-TEM grids in the a) as-deposited
state, and subjected to annealing at b) 200 ◦C, c) 325 ◦C and d) 380 ◦C. a-c) are HAADF
STEM images, whereas d) is a BF TEM image.

sensitivity exponent (m = ∂ logH
∂ log ε̇

) for each annealing temperature. The m values and

activation volumes were calculated as described by Maier et al. [172]. Values for ultra-

fine grained Al, nanocrystalline Ni, and nanocrystalline 316L steel are included as a

reference [221,222]. While inertial effects are quite important at high indentation strain

rates, we noticed an insignificant (< 5%) change when comparing either the activation

volume or m values calculated from only the slowest strain rates (< 0.1 s−1) to those

calculated over the entire range measured.
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Figure 4.5: Indentation hardness and modulus measured after various isochronal-
isothermal annealing, at various nominal indentation strain rates.

The microstructural evolution observed in Figure 4.4 is consistent with the change in

hardness observed in Figure 4.5 (as noted above), as well as the strain rate sensitivity

behavior in Figure 4.6. Prior to the onset of microstructural coarsening (i.e. at annealing

temperature below 380 ◦C), we observe an increase in hardness of ≈ 1 GPa along with

strong chemical segregation, a phenomena termed segregation hardening [23, 188, 219].

The activation volumes in Figure 4.6b of ≈ 8 b3, prior to the onset of coarsening, sug-

gest that intergranular deformation mechanisms are operative. While we do observe an

increase in the strain rate sensitivity exponent after the onset of coarsening, the val-
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ues of both m and ν after coarsening are still in the intergranular deformation regime

(ν = 5 − 50b3, m = 0.01 − 0.1). This is consistent with the microstructural evolution

presented in Figure 4.4, as the microstructure retains a nanoscale eutectic structure after

precipitation. These values are also consistent with reports of rapidly solidified or cast

alloys with similar compositions [209,213].

Figure 4.6: a) Indentation hardness as a function of nominal indentation strain rate
plotted for each different annealing temperature. b) Strain rate sensitivity exponent m
and corresponding activation volume extracted from the data presented in a). Error bars
in b) correspond to 95% confidence intervals. Data for UFG Al, nanocrystalline Ni, and
nanocrystalline 316L are from Refs. [221,222]

The microstructures in Figure 4.4 suggest that a spatially extended grain boundary

region develops as a result of chemical segregation. Using HAADF images acquired

using identical camera settings (Figure 4.4) and applying identical image thresholding

the minimum distances between neighboring grains was measured for at least 50 grains

in each annealing condition. Corresponding distributions of the widths of the spatially

extended grain boundary regions for samples annealed at 200 ◦C and 325 ◦C are presented

in Figure 4.7. The widths of the as-deposited sample were difficult to resolve given the

uniform contrast of the image, and were all quite thin (< 0.5 nm), so a vertical dashed

89



Effects of Alloying on Deformation Behavior of Nanocrystalline Al-Ni-Ce Chapter 4

line at 0.5 nm is included as an upper bound for the widths of the grain boundaries

in the as-deposited condition. While the detailed TEM procedures established by [126]

are necessary for identifying specific types of grain boundary structures, establishing an

appropriate diffraction condition for samples with many grains through the thickness

was not possible for these samples. Nevertheless, the analysis presented in Figure 4.7

indicates that both the 200 ◦C and 325 ◦C annealed samples have a mean grain boundary

width of 1.0 nm and standard deviation of 0.4 nm, suggesting a transition from an

ordered grain boundary in the as-deposited condition to an amorphous intergranular

film after annealing. A nano-beam electron diffraction pattern of the 325 ◦C annealed

sample taken with a 10 nm diameter probe size is included as an inset in Figure 4.7 to

better elucidate the local structure [223]. The probe size utilized when collecting this

diffraction pattern is larger than the maximum grain size, thus the diffraction pattern

contains information both from the inter- and intragranular regions. The diffraction

pattern shown in Figure 4.7 exhibits both prominent crystalline peaks and an amorphous

halo - suggestive of the formation of an amorphous intergranular film after annealing.

This amorphous halo is unlikely to arise due to surface oxides or carbonaceous layers, all

of which manifest at smaller reciprocal space vectors and would thus be obscured by the

beam-stop [217]. Surprisingly, these amorphous intergranular films are expected to be

in equilibrium at high temperature and require fast quenching to be preserved at room

temperature [140]. It appears that in this system, either due to spatial confinement or

the good glass formability of the Ni and Ce enriched zone, the critical cooling rates are

lower in this alloy.
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Figure 4.7: Distribution of grain boundary widths measured from micrographs of the
200 ◦C and 325 ◦C annealed samples in Figure 5. The vertical dashed line indicates the
maximum grain boundary width measured for the as-deposited condition. The inset is a
nano-beam diffraction pattern generated from the 325 ◦C sample, showing indications of
a crystalline and amorphous structure.

4.3.2 Indentation deformation microstructure

To better understand the hardening observed prior to coarsening, particularly its

effect on the deformation morphology, SEM micrographs of representative indentations

from samples annealed up to 325 ◦C are presented in Figure 4.8. The as-deposited

Al85Ni10Ce5 exhibits profuse shear localization both under the indenter and in the pileup

region (Figure 4.3a, Figure 4.8a). Figure 4.8b shows the indentation morphology after

annealing at 200 ◦C for 1 hour, where the shear localization in the pileup region has

diminished quite substantially, but distinct semi-circular shear offsets are still present.

After annealing at 325 ◦C for 1 hour (Figure 4.8c), shear localization in the pileup region

is minimal and almost completely eliminated, which occurs alongside increasing hardness
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(Figure 4.5).

Figure 4.8: Indentation morphologies of Al85Ni10Ce5 samples in the a) as-deposited, b)
200 ◦C and c) 325 ◦C annealed state.

To fully characterize the transition in deformation morphology observed in Figure

4.8 due to annealing, including any induced grain growth or rotation, TEM lamella were

extracted from the as-deposited and 200 ◦C annealed sample, as shown in the inset in

Figure 4.9a. Figure 4.9a shows a bright field (BF) TEM image of the representative

microstructure of the as-deposited film far away from the indent. The development of a

slight elongation of the grains in the growth direction of the film (up in Figure 4.9a) is

observed. Figure 4.9b shows a BF TEM image from under the indent of the as-deposited

Al85Ni10Ce5, showing several regions of dark contrast emanating out from beneath the

indenter. These are regions where many grains have rotated into a diffraction condition

that would not be illuminated in BF imaging. No obvious grain coarsening under the

indent was observed in any of these regions, in contrast to other reports [140].

BF TEM images of the lamella extracted from underneath an indent in the 200 ◦C

annealed sample are shown in Figure 4.9d. The undeformed microstructure of the 200 ◦C

annealed sample (Figure 4.9c) exhibits the same grain size and morphology (i.e. slight

elongation in the growth direction) as the undeformed, as-deposited film (Figure 4.9a).

The deformed microstructure of the 200 ◦C annealed sample (Figure 4.9d) exhibits two
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faint dark regions underneath the indenter where grains have rotated. However, the

dark regions in the 200 ◦C annealed sample (Figure 4.9d) are oriented differently from

those in the as-deposited material (Figure 4.9b). The regions in the 200 ◦C annealed

sample (Figure 4.9d) are nearly perpendicular to those observed in the as-deposited

sample (Figure 4.9b), which align normal to the surface of the indent. This localized

reorientation will be discussed in detail in Section 4.4.3.

Figure 4.9: BF TEM micrographs of TEM lamella extracted from near an indent in the
a)-b) as-deposited Al85Ni10Ce5 and c)-d) the 200 ◦C annealed Al85Ni10Ce5. a) and c)
were acquired far away from the indentation, whereas b) and d) are directly beneath
the indent. The inset in a) shows the geometry for extraction of the lamella, where the
bright horizontal region is the Pt layer deposited to minimize Ga+ damage during sample
preparation in the FIB.

93



Effects of Alloying on Deformation Behavior of Nanocrystalline Al-Ni-Ce Chapter 4

Figure 4.10: Diffraction patterns taken from different selected area regions in the FIB
prepared samples. a-b) were taken from the as-deposited sample: a) was taken away from
the indent, b) was taken from beneath the indent, schematically represented in the inset
by the red circle. c-d) were taken from the 200 ◦C sample: c) away from the indent, d)
beneath the indent. The black arrow is used to indicate the origin and positive direction
for the azimuthal projections in Figure 4.11.

Diffraction patterns of these samples were taken from two regions - far away from

the indent to characterize the texture in the undeformed sputtered films, and beneath

the indent (Figure 4.10). The selected area is schematically represented in the insets

in Figure 4.10a and b. The undeformed as-deposited and 200 ◦C annealed samples

exhibit six distinct spots originating from diffraction of {111} planes (Figure 4.10a and

c). This texture corresponds to a predominant {111} texture in the growth direction
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of the film, which is consistent with sputtering fiber texture reported in the literature

for other FCC metals [144]. We observe little difference between the two undeformed

microstructures, which is consistent with the thermal behavior of the thin samples (Figure

4.4a-b). However, there is a clear difference between the diffraction patterns of the as-

deposited and 200 ◦C deformed material (Figure 4.10b and d). Both the as-deposited

(Figure 4.10b) and 200 ◦C annealed (Figure 4.10d) diffraction patterns show clear grain

rotation as a result of the deformation induced by the indenter, yet the specifics of the

rotation clearly differ between the two samples. The 200 ◦C annealed diffraction pattern

(Figure 4.10d) appears to have undergone a rigid rotation - i.e. a majority of grains

in the 200 ◦C annealed samples giving rise to the diffraction pattern in Figure 4.10c

have rotated by a fixed amount. Conversely, the as-deposited material (Figure 4.10b)

exhibits significant streaking of the diffraction spots, indicating that many grains remain

in their initial orientation after deformation, while others rotate to a similar degree (or

more) than those in the 200 ◦C annealed material. To further illustrate this rotation and

streaking, the normalized intensity of the {111} diffraction ring is plotted as a function

of azimuthal angle (φ) for each diffraction pattern in Figure 4.11. The intensity of each

azimuthal projection was normalized using the maximum value for ease of comparison.

Using Gaussian peak fitting, we measure an average rotation of 7.75 ◦ for the as-deposited

Al85Ni10Ce5 and 5.6 ◦ for the annealed Al85Ni10Ce5 due to the indentation. Using the first

and last peaks in (Figure 4.11, φ ≈ 80◦ − 90◦, 260◦ − 270◦), we measure an average peak

broadening due to the deformation imposed by indentation of approximately 40 ◦ for

the as-deposited sample, and negligible broadening (< 3 ◦) for the annealed Al85Ni10Ce5,

suggesting both a larger magnitude and broader distribution of grain rotation in the

as-deposited Al85Ni10Ce5.

Traditional DF images illuminating the regions where grain reorientation is most ex-

treme are presented in Figure 4.12. These images were collected by placing the objective
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Figure 4.11: Azimuthal projected intensities from the {111} diffraction ring from each
of the FIB prepared samples. The intensities were normalized by their maximum and
vertically offset for ease of interpretation. Vertical lines represent the peaks identified
using a Gaussian peak fitting algorithm.

aperture over the {111} and {200} diffraction rings near φ = 100◦ − 140◦, schematically

shown in the inset in Figure 4.12a. The placement of the objective aperture was chosen

such that regions that had undergone the most grain rotation would be illuminated. The

azimuthal region between 100 ◦ - 140 ◦ is ideal for this analysis, as it does not include

grains with the predominant undeformed texture. This can be seen in Figure 4.11, where

this region is between the two most prominent peaks for the intensities measured away

from the indent. Figure 4.12 illustrates that the largest degree of grain rotation is lo-
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calized in small regions for both the as deposited (Figure 4.12a) and 200 ◦C annealed

samples. These regions correspond to the aforementioned dark regions in the bright field

images (Figure 4.9d,b). However, aside from the surface that deforms quite severely due

to the contact with the indenter in both cases, the morphology of these regions beneath

the contact surface differs dramatically between the two samples. Figure 4.12a shows

that the regions with the largest grain rotation extend nearly perpendicularly from the

surface of the indent in the as-deposited material, whereas regions in the annealed mate-

rial that exhibit the greatest degree of rotation (Figure 4.12b) propagate vertically down

from the surface of the indent. The details of this behavior will be discussed in detail in

Section 4.4.2.

4.4 Discussion

Our results presented above indicate that the single-phase FCC nanocrystalline

Al85Ni10Ce5 prepared by sputter deposition exhibits a 7.6 nm average grain size, excellent

mechanical properties (hardness > 4.6 GPa) and good thermal stability (up to 0.7 Tm).

Indentation experiments suggest that the hardness increases after annealing up to 325

◦C while shear localization, as evinced by shear offsets in the pileup region of indentation

experiments, is suppressed due to the formation of a Ni and Ce rich, amorphous grain

boundary region. The objective of this discussion is to identify the mechanistic origins

of this transition in deformation behavior.

4.4.1 Suppression of shear localization

The indent morphologies of the as-deposited Al85Ni10Ce5 samples presented in Figure

4.3a exhibit profuse shear band formation in the pileup region, a feature often observed

during indentation of amorphous metals [224, 225]. Vaidyanathan et al. modeled the
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Figure 4.12: DF TEM images from the a) as-deposited and b) 200 ◦C annealed sample.
The objective aperture placement is shown schematically in the inset in a) by the cyan
circle, covering the {111} and {200} diffraction rings, in the regions between the peaks
owing to the initial texture.

stress state around a Berkovich indentation using finite element simulations [225]. They

demonstrated that the circular pattern between corners of the Berkovich indenter corre-

sponds to regions with the highest von Mises stress, thus the regions where shear band
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initiation would take place. This observation, in conjunction with existing macroscopic

experiments on metallic glasses which demonstrate localized elastic-perfectly-plastic or

shear softening behavior [226], explains why numerous shear offsets in such a circu-

lar pattern are often observed during indentation of metallic glasses. Nanocrystalline

metals have similarly poor strain-hardening behavior and localized plasticity [227], but

only rarely are such shear offsets observed. Several researchers observed shear localiza-

tion in the pileup region during indentation of nanocrystalline Ni-W with grain sizes

<15 nm, concomitant with clear displacement bursts during loading, suggesting that the

shear offsets are due to the discrete nature of plasticity in materials with such fine grain

sizes [21, 43,45,140].

Annealing the as-deposited Al85Ni10Ce5 samples below 380 ◦C, prior to the onset of

precipitation and coarsening, both increases the hardness dramatically (Figure 4.5) and

suppresses obvious shear localization evident in the pileup region (Figure 4.8, Section

4.3). This observation is markedly different from the behavior of nanocrystalline met-

als reported in the literature. Rupert et al. [43] performed annealing experiments on

nanocrystalline Ni-W and observed similar magnitude increases in hardness due to an-

nealing, but that the propensity for shear localization increased markedly. Additional

pillar compression experiments suggest that this behavior occurs despite the activation of

stress-assisted coarsening, which has been suggested to enhance plastic flow of nanocrys-

talline metals [42,53,140]. Several of these works note that this increased propensity for

shear localization due to annealing is quite similar to that of metallic glasses [42,43].

Processing routes can have a large impact on the shear localization behavior of metal-

lic glasses. Most notably, nearly complete suppression of shear localization during inden-

tation of metallic glasses has been observed for glasses driven to more rejuvenated, or

liquid-like states [95, 228, 229]. Meng et al. [228] observed suppression of strong shear

localization during indentation of a Zr-based metallic glass subjected to high pressure
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torsion (HPT). These authors report that the HPT process drives the structure of the

material to a softer, more rejuvenated state, where there are many atomic sites where

localized atomic rearrangements can occur. The more homogeneous distribution of these

sites where atomic rearrangements can more easily occur manifests as a decrease in macro-

scopically observed shear localization. These authors (and others [229]) observe that the

mechanical properties of the glass scale linearly with the degree of stored enthalpy - where

a harder glass exhibits a smaller stored enthalpy, implying a relaxed, lower energy state.

Annealing may relax non-equilibrium grain boundaries through the elimination of

grain-boundary defects, limiting preferential sites where plasticity can initiate [42, 43].

The argument follows that, similar to metallic glasses, nanocrystalline metals with a

more uniform distribution of non-equilibrium boundaries may lead to a more homo-

geneous deformation morphology without obvious shear localization. However, while

nanocrystalline metals with such a uniform distribution of non-equilibrium boundaries

may deform more homogeneously, their deformation behavior is still undesirable. Such

non-equilibrium boundaries are much more susceptible to deform via grain boundary slid-

ing and atomic shuffling mechanisms, rather than dislocation-mediated plasticity. Grain

boundary sliding and atomic shuffling are triggered at much lower levels of stress - sug-

gesting a similar trade-off between strength and deformation morphology akin to that

observed in metallic glasses. While this relationship - i.e. a more relaxed nanocrystalline

metal is harder and exhibits a larger propensity for localization - has been observed in

all previous studies [42, 43, 85, 140], it is counter to what we observe in the nanocrys-

talline Al85Ni10Ce5 (see Figure 4.5 and Figure 4.8). Brink and Albe [85] observed similar

behavior to that observed in Ni-W alloys [42, 43], where the degree of grain boundary

relaxation is critical for predicting catastrophic shear localization in systems with a grain

size < 10 nm. They also suggest that the maximum strength of a nanocrystalline metal

occurs when the grain boundary state is well relaxed - the same condition where local-
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ization is most prominent. Again, our results suggest the opposite behavior: annealing

the nanocrystalline Al85Ni10Ce5 samples at low temperatures, presumably relaxing the

material, not only induces increases in hardness and modulus, but the propensity for

localization decreases, suggesting a fundamental difference between the Al85Ni10Ce5 and

materials investigated in previous studies.

4.4.2 Deformation mechanisms and texture

The strain rate sensitivity analysis presented in Figure 4.6b, where no significant

change in activation volume is observed due to annealing, allows us to conclude that in-

tergranular deformation mechanisms are responsible for accommodating deformation in

these alloys irrespective of the extent of chemical segregation. This is unsurprising given

the microstructures presented in Figure 4.4, which all exhibit a truly nanocrystalline

microstructure despite annealing up to 0.7 Tm. There are numerous intergranular defor-

mation mechanisms operative in nanocrystalline metals, encompassing behavior ranging

from atomic shuffling at grain boundaries [40], to grain rotation [34], sliding [33], and the

slip of (partial) dislocations as they traverse grain interiors [26]. While many of these

mechanisms are potentially deleterious due to their tendency for localization [46], many

of the more exotic deformation mechanisms, such as sliding and rotation, can be sup-

pressed through grain boundary relaxation and chemical segregation to grain boundaries,

favoring predominantly intragranular dislocation-mediated plasticity [41, 49, 69, 72, 230].

Such a mechanistic transition is unlikely to manifest in strain rate sensitivity measure-

ments, as these mechanisms are all expected to exhibit activation volumes in the range

of 3 - 10 b3 [172,231], which are difficult to isolate given the uncertainty of our measure-

ments. However, subtle differences in deformation behavior are evident through textural

analysis.
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Detailed work from Lohmiller et al. [41] investigating the deformation of nanocrys-

talline Pd through in-situ synchrotron XRD experiments concluded that intergranular

deformation mechanisms, such as atomic shuffling and grain boundary shear and slip,

do not cause the formation of a particular crystallographic texture. This is in contrast

to intragranular dislocation mediated plasticity, which cause the formation of various

crystallographic textures in both coarse grained FCC materials [232] and in highly seg-

regated nanocrystalline metals [140, 233]. Texture evolution in nanocrystalline metals

has been broadly discussed by Weissmüller et al. [234] and others [235,236], who suggest

that deformation accommodated by intergranular rotation and sliding may randomize

pre-existing texture, whereas deformation accommodated by intragranular dislocation-

mediated plasticity would favor crystallographic orientations where slip is easiest.

The diffraction patterns presented in Figure 4.10 and Figure 4.11, as well as the DF

images in Figure 4.12, suggest that the transition in deformation morphology observed

in the Al85Ni10Ce5 with annealing is due to a suppression of localized grain rotation

and more homogenous dislocation-based plasticity. As mentioned in Section 4.3.2, when

comparing Figure 4.10c to Figure 4.10d, it is evident that the majority of the grains in

the annealed sample have undergone a rather uniform rotation of 5.6 ◦, accommodating

the imposed deformation without randomizing the texture. In the as-deposited condition

(Figure 4.10a-b), there is both significant grain rotation and randomization of the texture

due to deformation. The initial texture formed during deposition favors {111} planes

oriented with their normal along the growth direction, so the re-orientation of these grains

to accommodate slip on {111} 〈11̄0〉 directions is necessary for dislocation plasticity to

participate in the deformation. The texture observed in the deformed material exhibits

the same symmetry as the undeformed material with a 5.6 ◦ rotation. This is indicative of

intragranular dislocation-mediated deformation [41,233–236] in the annealed Al85Ni10Ce5,

suggesting there is a mechanistic difference between the deformation of the as-deposited
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and annealed samples.

4.4.3 Evolution of deformation microstructure

The DF TEM images Figure 4.12 highlight the differences due to annealing in the

location of grains which undergo significant plasticity during indentation. While there

is a great deal of plastic deformation at the surface in contact with the indenter, we

focus our attention on the deformation occurring beneath the contact surface where we

can more directly compare our observations to existing models of Berkovich indentation.

Finite element modeling of Berkovich indentation has shown that during elastic loading,

iso-stress contours of the resolved shear stress are oriented roughly normal to the sur-

face of the indent [237]. The DF image presented in Figure 4.12a of the as-deposited

material beneath the indent shows obvious grain rotation and localization in regions em-

anating in similar orientations (i.e. normal from the indent surface), suggesting that

grains within these regions have rotated after reaching a critical flow stress. The corre-

sponding diffraction pattern in Figure 4.10b (and corresponding section of Figure 4.11)

exhibits delocalization and streaking of the peaks in the {111} diffraction ring. Due to

the placement of the objective aperture (see inset in Figure 4.12a), the grains that have

given rise to the intensity in the image are those that have undergone the most significant

rotation, specifically those responsible for the streaking of the secondary peak in Figure

4.11 (φ = 150◦− 180◦). Furthermore, according to the modeling work of Min et al. [238]

the regions that exhibit severe grain rotation in the as-deposited Al85Ni10Ce5 extend past

contours of appreciable plastic strain predicted by the model. The excellent agreement

of the spatial pattern of grain rotation with iso-stress contours [237], rather than plastic

strain contours [238], suggests that the deformation in the as-deposited Al85Ni10Ce5 is

primarily facilitated by intergranular deformation mechanisms such as atomic shuffling,
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grain rotation, and sliding, rather than intragranular dislocation-mediated deformation,

ultimately leading to softening and strain localization after initiation at a critical stress.

Iso-contours of accumulated plastic strain from finite element modeling [238] agree

quite well with the illuminated regions in the annealed Al85Ni10Ce5 (Figure 4.12b). In

the annealed Al85Ni10Ce5, grain rotation is most prominent in regions with the largest

accumulated plastic strain, further suggesting that the annealed sample exhibits pre-

dominantly dislocation based plasticity. This preference for intragranular dislocation

plasticity over non-dislocation based intergranular deformation mechanisms gives rise to

the transition in deformation morphology from strong localization in the as-deposited

state to homogeneous deformation in the annealed condition. However, a key question

remains: why does the segregation of Ni and Ce to grain boundaries and the formation of

an amorphous intergranular region induce a transition from intergranular to intragranular

deformation and suppress shear localization?

4.4.4 Enhanced mechanical properties of nanocrystalline Al-Ni-

Ce

To better understand the role of the Ni and Ce rich grain boundary, we turn our

focus to the mechanical properties of the Al85Ni10Ce5 samples which exhibit ultrahigh

hardness. The mechanical behavior of rapidly solidified amorphous Al-Ni-Ce alloys with

similar compositions reported by Inoue et al. [82, 211] exhibit hardness values ranging

from 2.6 - 4.7 GPa subject to various annealing procedures. The materials explored in

that study with highest hardness are generally brittle and contain a large density of both

crystalline Al and intermetallic phases [211]. The mechanical behavior of other binary

nanocrystalline Al based alloys have been reported in the literature, but hardness mea-

surements exceeding 2 GPa are mainly observed in alloys with two-phase microstructures
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with a large density of brittle intermetallic compounds [239]. Recently, nanocrystalline

Al-Mg alloys have been prepared using mechanical alloying that exhibit hardness values

exceeding 4.5 GPa after annealing due to strong grain boundary segregation [230]. Thus,

the high hardness of the as deposited Al85Ni10Ce5 of 4.67 ± 0.24 GPa is quite remarkable,

and the exceptionally high hardness of 5.62 ± 0.41 GPa in the 325 ◦C annealed condition

stands apart from other Al alloys (Figure 4.5).

A traditional Hall-Petch [4, 6] analysis is insufficient for predicting the mechanical

behavior of the as-deposited Al85Ni10Ce5 due to the small grain size and complex chemical

environment at the grain boundaries. Utilizing Hall-Petch coefficients from [198], the

grain size reported in Figure 4.1, a Tabor factor of 3 [197], and even including a term

for solid solution strengthening [240], we calculate an expected hardness of 1.55 GPa,

significantly lower than what is measured. Thus, the remainder of the hardening must

be linked to the role of grain boundary chemistry in mediating dislocations nucleation

and propagation.

The change in mechanical response due to the formation of a Ni and Ce rich amor-

phous intergranular film formed during annealing can be reconciled by the elastic contrast

between the grain interior and the grain boundary. From the existing studies of Al-Ni-Ce

amorphous alloys [210], along with the HAADF images in Figure 4.4, it is clear that an-

nealing drives strong chemical segregation of Ni and Ce to the grain boundaries. This is

expected to energetically relax the grain boundaries as well as mechanically stiffen them,

making them less prone to sliding or localized atomic shuffling [13, 49, 69]. Simulations

of grain boundaries in nominally pure systems have demonstrated that grain bound-

aries themselves exhibit lower moduli than their crystalline counterparts [241,242]. The

small increase in modulus in Figure 4.5 at temperatures below 0.7 Tm is indicative of

such a segregation/relaxation induced stiffening of the grain boundaries. Furthermore,

grain boundary stiffness has been shown to substantially affect the behavior of intra-
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granular dislocations [243]. Fundamentally, this can be understood from an image force

perspective, where an elastically stiff, Ni and Ce rich extended grain boundary would

exert a repulsive force on any intragranular dislocations, in addition to providing strong

dislocation pinning.

In order to understand the enhancement in mechanical properties due to the formation

and evolution of the spatially extended, amorphous grain boundary (Figure 4.13a), we

propose the following model, shown schematically in Figure 4.13b. Using the grain

boundary widths measured in Figure 4.7 and assuming cuboidal grains with an average

grain size of that presented in Figure 4.1, we estimate a volume fraction of grain boundary

content in the samples of approximately 36%. Using this volume fraction, in combination

with the moduli measured experimentally using indentation (Figure 4.5), we can estimate

the modulus evolution of the grain boundary region. Assuming that the modulus is

partitioned such that that the grain interiors upon annealing are pure Al with a Young’s

modulus of 69 GPa [244], and can be described using a Voigt-type rule of mixtures [245],

we estimate grain boundary moduli of approximately 200 GPa for the annealed samples.

This estimated modulus is high due to the extremely low modulus of the grain interiors,

but is quite similar to that of pure Ni [246], thus we view this as an upper bound for the

stiffness of the grain boundary. Using the image force analysis of Öveçoğlu et al. [247],

we can calculate the force on a screw dislocation within the Al grain as a function of

distance from the neighboring Ni-Ce rich grain boundaries (shown schematically with

an edge dislocation in Figure 4.13b). This model suggests that there is an equilibrium

distance of a dislocation several burgers vectors from the adjacent Ni/Ce layers (3.4 b for

the 200 ◦C sample and 3.9 b for the 325 ◦C sample), and a rapidly increasing repulsive

force for a dislocation closer to the adjacent layers. The image force construction breaks

down when the distance of the screw dislocation to the interface is very small. Therefore,

to estimate the maximum repulsive force on the dislocation, we choose a distance of 1.5 b

106



Effects of Alloying on Deformation Behavior of Nanocrystalline Al-Ni-Ce Chapter 4

away from the interface to calculate the maximum resistance for dislocation propagation.

The repulsive force on a dislocation at a distance of 1.5 b from the interface, normalized

by the image force f = µb2

2πD
, where µ is the shear modulus, D is the average grain size,

and b is the burgers vector, is -1.99 in the 200 ◦C sample and -2.43 for the 325 ◦C sample.

The corresponding far field stress required to overcome this barrier is 296 MPa for the

200 ◦C and 362 MPa for the 325 ◦C. Incorporating this increased resistance to dislocation

motion due to the spatially extended, stiffer grain boundary region, we predict that the

increase in hardness is dH = 3× dσy of 888 MPa for 200 ◦C or 1.08 GPa for 325 ◦C. The

measured changes in hardness for these samples compared to the as-deposited material

are 820 MPa (200 ◦C) and 950 MPa (325 ◦C), which are in excellent agreement with

the model prediction. Schematically, the effects of the amorphous intergranular film are

shown in Figure 4.13c, where a dislocation traversing the grain must overcome the barrier

for nucleation (τn) the barrier due to pinning forces at the grain boundary (τpin), as well

as the image forces from the stiff grain boundary region (τgb) in order to move under the

applied stress (τ).

The image force analysis above suggests that the formation of a stiff, amorphous

intergranular film, in contrast with a compliant grain interior rationalizes the enhanced

hardness of the annealed Al85Ni10Ce5. Additional implications on the mechanical re-

sponse due to the presence of an amorphous intergranular film include the suppression

of shear localization. Pan and Rupert [248] simulated dislocation-grain-boundary inter-

actions in Cu-Zr with amorphous grain boundaries, and observed that the presence of an

amorphous grain boundary enables the absorption of several dislocations prior to failure.

The simulations also indicate that the von Mises stress in neighboring grains is nearly un-

affected by the absorption of dislocations at the amorphous grain boundary, whereas the

absorption of a dislocation at an atomically sharp grain boundary leads to high stresses

and crack formation. Given this behavior in simulations, the formation of a Ni-Ce rich
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Figure 4.13: Schematic demonstrating a) the formation of a Ni and Ce rich amorphous
grain boundary during annealing, b) the model proposed in Section 5.4 with a dislocation
embedded in an Al grain of length D and distance X from the grain boundary, and c) the
ability of the annealed Al85Ni10Ce5 to accommodate dislocations at the amorphous grain
boundaries without transmitting or nucleating new dislocations in neighboring grains.

amorphous intergranular film may be responsible for the suppression of long-range local-

ization. In conjunction with the suppression of intergranular deformation mechanisms in

favor of intragranular dislocation plasticity, the tendency for a grain boundary to absorb

several dislocations prior to initiating plasticity in neighboring grains would prevent the

formation of a percolating path necessary for localization. Pan and Rupert [248] demon-

strated that for a 1 nm thick amorphous grain boundary, at least two dislocations can be

accommodated prior to crack formation. Given the large shear strain induced by a single

108



Effects of Alloying on Deformation Behavior of Nanocrystalline Al-Ni-Ce Chapter 4

dislocation traversing a 7.6 nm grain (b/D ≈ 4.63% [41]) for the Al85Ni10Ce5, it is possible

for the amorphous grain boundaries present in the annealed Al85Ni10Ce5 to accommodate

the deformation without affecting neighboring grains. Furthermore, despite the thick-

ness of the amorphous grain boundaries present in the Al85Ni10Ce5 remaining relatively

constant due to annealing above 200 ◦C (Figure 4.7), the segregation-driven increase in

stiffness of the grain boundary likely provides additional screening of dislocations that

impinge on the grain boundaries [243]. Such screening would further inhibit long range

localization, promoting both high strength and homogeneous plastic flow. Thus, the role

of such a stiff Ni-Ce rich amorphous intergranular film serves three primary purposes: (1)

to impede the intragranular motion of a dislocation providing increased strength, (2) to

serve as a strong obstacle for intergranular dislocation transmission, and (3) to provide

additional accommodation of impinging dislocations at the grain boundary, all of which

assist in mitigating the propensity for localization.

4.5 Conclusions

In this chapter, we discussed the mechanical behavior of a single-phase FCC nanocrys-

talline Al-Ni-Ce alloy prepared by sputter deposition followed by systematic annealing

to drive segregation to grain boundaries. The detailed indentation analysis and elec-

tron microscopy investigations of the deformed material allow us to draw the following

conclusions.

The Al85Ni10Ce5 sample exhibits many desirable properties, such as a very small grain

size (7.6 nm), high hardness (exceeding 4.6 GPa) and thermal stability (up to 0.7 Tm).

Indentation morphologies indicate that shear localization, as evinced by shear offsets

in the pileup region of indentation experiments, is prominent in the as-deposited state

and suppressed due to low temperature annealing. This reduction in shear localization

109



Effects of Alloying on Deformation Behavior of Nanocrystalline Al-Ni-Ce Chapter 4

occurs concomitantly with increases in hardness and modulus. DF TEM analysis of the

as-deposited and 200 ◦C annealed material indicate that the degree of grain rotation, as

well as the spatial distribution of regions which have undergone significant plasticity are

different, despite identical loading conditions during indentation, suggesting a transition

in the operative deformation mechanism. This transition in grain rotation behavior

and suppression of obvious shear localization coincides with the formation of amorphous

content in the material, likely in the form of an amorphous intergranular film. Image

force analysis indicates that the presence of such a stiff intergranular film in contrast with

a compliant grain interior is responsible for the increases in strength observed during

low temperature annealing, as well as preventing long range localization by promoting

uniform intragranular dislocation plasticity over intergranular deformation processes.

These observations suggest that the relationship between mechanical behavior, includ-

ing strength, propensity for shear localization, and deformation morphology in nanocrys-

talline alloys may be more complex than the literature would suggest. Specifically, un-

derstanding the intricacies of grain boundaries and the evolution of the grain boundary

atomistic structure are crucial for predicting the behavior of interface-dominated mate-

rials such as nanocrystalline metals with grain sizes below 10 nm.

110



Chapter 5

Thermal Stability of Nanocrystalline

Al-Ni-Ce

In the preceding chapter, the room temperature mechanical properties of an alloyed

Al-Ni-Ce nanocrystalline alloy were investigated, indicating an unusual transition in

deformation behavior due to the strong propensity for chemical segregation to grain

boundaries during processing (annealing). This chapter presents a detailed study us-

ing ultrafast calorimetry, in-situ transmission electron microscopy (TEM) heating, and

X-ray total scattering to uncover the link between the structural evolution of the fully

continuous AIFs and thermal stability of the Al-Ni-Ce alloy. Exposure to intermediate

temperatures drives chemical segregation and structural evolution of AIFs in the Al-Ni-

Ce alloy, enhancing the mechanical properties (demonstrated in Chapter 4) and delaying

precipitation of intermetallic phases to higher temperatures. This collective behavior ren-

ders the microstructure stable above 64% of its melting point, providing microstructural

stability exceeding that in many ’stable’ nanocrystalline alloys.
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5.1 Elucidation of thermal stability in nanocrystalline

Al-Ni-Ce

Our alloy design strategy is premised on the use of chemical complexity and the

propensity of multiple interface-segregating species in a multicomponent alloy system

[135]. We selected the Al-Ni-Ce ternary system owing to the synergistic co-segregating

tendencies of Ni and Ce [142], which will be discussed in greater detail in Section 5.3,

and the resulting chemical and structural grain boundary configuration that satisfies the

classical criteria for glass formability [79] and AIF formation [125]. We first examine

the evolution of microstructure and its role in the thermal stability of nanocrystalline

Al-Ni-Ce. Ex-situ annealing experiments performed at 200 ◦C - 380 ◦C (0.5 - 0.7 Tm),

(Figure 5.1a-d) indicate that the sputter deposited Al-Ni-Ce alloy does not exhibit grain

growth at temperatures of ≈ 325 ◦C (0.64 Tm) for one hour. High angle annular dark field

(HAADF) images in Figure 5.1b,c suggest that grain boundary regions are enriched in Ni

and Ce at temperatures between 200 ◦C - 325 ◦C, consistent with chemical partitioning

in devitrified Al-Ni-Ce alloys [210]. After annealing at 380 ◦C, the intermetallic phases

Al3Ni and Al11Ce3 precipitate (Figure 5.1d), allowing the remaining Al microstructure

to coarsen. Figure 5.1e presents a normalized change in mean grain size extracted from

samples presented in Figure 5.1a-d alongside several thermally stable nanocrystalline

alloys from the literature [75, 249–254], demonstrating the remarkable stability of the

Al-Ni-Ce alloy (additional data provided in Figure 5.3). The alloys included in Figure

5.1e are representative of several classes of nanocrystalline alloys: pure metals, ’stable’

alloys, and amorphous intergranular film (AIF)-containing alloys. Pure metals exhibit

the least resistance to coarsening, experiencing significant grain growth at 0.2 - 0.3 Tm.

’Thermally stable’ alloys exhibit markedly higher thermal stability, pushing up to 0.4

- 0.5 Tm prior to significant coarsening. These alloys include the highest performing
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nanocrystalline alloys to-date, including W-Ti [113], Cu-Ta [123, 249], and Ni-W [250].

At the highest homologous temperatures are AIF-containing alloys, specifically a Cu-

Zr nanocrystalline alloy and the Al-Ni-Ce alloy [73, 75]. These AIF containing alloys

exhibit the highest thermal stability of a nanocrystalline metal to date. The full grain

size distributions (Figure 5.2) exhibit a narrow spread that does not markedly evolve

during annealing prior to intermetallic precipitation. Abnormal grain growth, which has

been reported in nanocrystalline alloy systems containing heterogeneous grain boundary

segregation [255], can thus be eliminated as a potential instability mechanism.

Figure 5.1: Ex-situ thermal stability analysis. a-d, HAADF (a-c) and BF (d) micro-
graphs of samples annealed for one hour at temperatures of 100 ◦C, 200 ◦C, 325 ◦C, and
380 ◦C. Scale bars are 10 nm in a-c and 100 nm in d. b-c exhibit chemical segregation of
high mass elements (Ni, Ce) to grain boundaries (bright), resulting in Al rich grain inte-
riors (dark); d, provides evidence of intermetallic precipitation and grain growth. Inset
is a diffraction pattern shown the presence of Al3Ni (yellow {101}), Al11Ce3 (green {020}
and {103}) and Al (red, {111} and {200}). e, Grain size retention for several thermally
stable nanocrystalline alloys, alongside the Al-Ni-Ce alloy, as a function of homologous
temperature. Data from [75,249–254].

The thermal envelope of microstructural stability and underlying thermal signatures

associated with chemical redistribution and intermetallic precipitation were quantified
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Figure 5.2: Cumulative grain size distributions measured from dark field TEM experi-
ments of ex-situ annealed Al-Ni-Ce alloy samples.

using ultrafast differential scanning calorimetry (DSC). Heat flow traces (Figure 5.4a)

demonstrate the presence of two exothermic events, labeled Tgb and Tprecip. The event

labeled as Tgb occurs at temperatures that coincide with chemical enrichment of grain

boundaries in Ni and Ce (Figure 5.1b,c), while the second exothermic event (Tprecip)

occurs at temperatures above 325 ◦C and is ascribed to the nucleation and growth of

intermetallics. Qualitatively, the heat flow traces in Figure 5.4a indicate that the pre-

cipitation event (Tprecip) is not strongly dependent upon heating rate, unlike the low

temperature exothermic event (Tgb). Kissinger analysis (Figure 5.4b) suggests activation

energies of 116 kJ/mol and 413 kJ/mol for the exothermic events at Tgb and Tprecip,

respectively. The activation energy of 116 kJ/mol is consistent with diffusive activity of

Al, Ni, or Ce in an FCC-Al matrix [260,261], whereas the precipitation activation energy

(413 kJ/mol) is uncharacteristically large. Typical values for intermetallic precipitation

in Al-Ni-Ce glasses are ≈ 200 kJ/mol [262], less than half the value we measure. The
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Figure 5.3: Grain size retention vs homologous temperatures for many nanocrystalline
alloys. Data from References [75,113,114,121,196,249–254,256–259].

precipitation activation energy we measure is also larger than those in all ternary amor-

phous Al-transition metal-rare earth alloys [216, 262] and is comparable to higher order

amorphous Al-alloys such as AlNiYCoLa [263], whose large activation energy originates

in the formation and evolution of several intermetallics with multiple crystal structures.

In-situ TEM heating experiments (Figure 5.5) provide direct visualization of the

structural evolution during thermal exposure of the Al-Ni-Ce alloy. The evolution at

temperatures below 325 ◦C is characterized by Ni and Ce grain boundary enrichment

and subtle evolution of the Al grains. Individual heating segments to temperatures be-

low 150 ◦C indicate little microstructural activity, consistent with the absence of thermal

events in the calorimetric signal. At temperatures above 150 ◦C, instances of grain reori-

entation occur and become more numerous at temperatures approaching 325 ◦C (Figure

5.5a, b). The reorientation events are evident in the diffraction patterns, where more
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Figure 5.4: Ex-situ differential scanning calorimetry. a DSC heat flows with arrows noting
onset and peak temperatures of the low (Tgb) and high (Tprecip) temperature exothermic
events, respectively. b, Kissinger analysis of the two primary exothermic events noted in
a.

intense and discrete spots after annealing at 325 ◦C signify fewer unique grain orienta-

tions in the imaged area (Figure 5.5d). The presence of more intense diffraction spots

often implies grain growth, however grain size distributions measured during the in-situ

heating experiments (Figure 5.6) indicate no significant grain growth. After heating to

450 ◦C, the HAADF snapshots (Figure 5.5c) show significant grain growth alongside

the nucleation of Al11Ce3 and Al3Ni precipitates (Figures 5.5d, 5.7) during the second

exothermic event detected in the heat flow trace (Figure 5.5e). The negligible mutual

solubility of alloying additions in the intermetallic phases suggests that the chemical dis-

tribution prior to intermetallic precipitation severely hinders the precipitation kinetics.

Furthermore, the role of confinement in the form of both size effects, which suppress the

crystallization of nanoscale amorphous alloys [264], and strain energy penalties associ-

ated with intermetallic precipitation within the sub-nm-scale AIFs [265] may complicate

intermetallic precipitation in the Al-Ni-Ce alloy, giving rise to the high activation energy
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of precipitation. These observations, in conjunction with the calorimetric analysis, sug-

gest a co-dependent thermal stability behavior wherein the presence of the AIF stabilizes

the microstructure, and the subsequent AIF evolution limits the precipitation of Al11Ce3

and Al3Ni intermetallics, giving rise to the exceptional high temperature stability of the

alloy.

5.2 Amorphous intergranular films underlie thermal

stability

The structural evolution of the AIFs that occurs during annealing below 325 ◦C im-

proves the low-temperature hardness of the alloy [142] while simultaneously impacting

the phase decomposition, as evidenced by the high activation energy for intermetallic pre-

cipitation (Figure 5.4b). To elucidate the structural signatures underpinning the thermal

stability, synchrotron X-ray scattering experiments were performed on the as-deposited

and 200 ◦C annealed material. The total scattering patterns (Figure 5.8a) and resulting

pair distribution function (PDF) analysis (Figure 5.9) provides crucial insight on short-

and medium-range ordering motifs through the detection of diffuse scattering signals that

are usually overwhelmed by the Bragg scattering features. Specifically, the total scatter-

ing intensity (Figure 5.8a) exhibits contributions from the amorphous phase (the AIFs)

corresponding to the peaks near 1.5 and 2.6 Å−1. These peaks become less prominent

upon annealing, whereas crystalline features at 4.4 and 6.8 Å−1 become more pronounced

after annealing. As we do not observe significant grain growth or the nucleation of new

grains in Figure 5.1b,c as well as in the in-situ TEM experiments (Figure 5.5a-c), nor

in previous work [142], we ascribe this evolution in intensity primarily to the structural

evolution within the AIF regions.
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Figure 5.5: In-situ TEM heating experiments. a-c, Annular dark field (ADF) STEM
micrographs collected during separate heating segments up to 200 ◦C, 325 ◦C, and 450
◦C. Instances of grain reorientation are noted by orange arrows. Scale bars are 10 nm.
c also contains a HAADF STEM micrograph collected during final heating sequence up
to 450 ◦C. Dashed region in 450 ◦C ADF micrograph is the original area imaged at
25 - 325 ◦C. d, Selected area diffraction patterns collected at room temperature after
heating to temperature noted. Scale bars are 5 nm−1. Slight evolution in the diffraction
patterns is evident at 325 ◦C, corresponding to reorientation events noted by arrows in
b. Simulated electron diffraction pattern of a [011] zone axis of α- Al11Ce3 is overlaid
in green for comparison to 450 ◦C diffraction pattern collected from intermetallics in c.
{111}, {200}, {220} and {311} Al diffraction rings are noted in blue along the beam-
stop. e, DSC heat flow curve from ex-situ analysis for comparison of thermal signatures
to direct observations. f, Schematic of experimental heating profile.

Figure 5.6: Grain size cumulative area distributions derived from conventional dark field
TEM images during in-situ heating experiments.

We further examine the evolution of the amorphous grain boundary regions using the

total structure factor in Figure 5.8b, which was calculated directly from the background

corrected XRD patterns using PDFGetX3 [177]. Two peaks in Figure 5.8b originate from

the amorphous content of the material: the feature labeled ’Pre-peak’ at 1.5 Å−1 and an-
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Figure 5.7: EDS map and quantification of Al-Ni-Ce alloy heated in-situ to 450 ◦C. a,
HAADF image. Color elemental maps of b, Al c, Ni and d, Ce. Presence of Ni (Al3Ni)
and Ce (Al11Ce3) rich precipitates can be seen in c, d. e, Elemental line profiles of Line
1 crossing into the Al11Ce3 precipitate. f, Elemental line profiles of Line 2 beginning in
an Al3Ni precipitate.

other at 2.8 Å−1. As the feature at 2.8 Å−1 does not evolve significantly with annealing,

we will focus our discussion on the feature at 1.5 Å−1. Pre-peaks, subtle yet distinguish-

able features in diffraction experiments of amorphous materials [266], have been observed

via neutron and X-ray diffraction experiments of many Al-based liquid and amorphous

alloys [267, 268]. These features arise from the medium-range order of solute additions,

which take on a quasi-periodic arrangement due to strong pairwise atomic interactions

and the packing motifs of polyhedral clusters [262, 267–269]. We observe a significant

reduction in the pre-peak present in the structure factor (Figure 5.8b) of the nanocrys-

talline Al-Ni-Ce alloy after annealing. This reduction in pre-peak magnitude is indicative

of a destabilization of the regular packing of solute-centered polyhedra within the AIFs,

which has important implications for thermal stability. Structural rearrangements that
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Figure 5.8: a, Background subtracted, radially integrated total scattering patterns for
thin film X-ray experiments. Two types of features are noted: ‘diffuse’ features from the
amorphous structure and ‘Bragg’ features from crystalline domains. b, Total structure
factors derived for the as deposited and annealed (200 ◦C, 1 hour) sample. The large pre-
peak at ≈ 1.5 Å−1 and Bragg peaks at {111} and {200} {hkl}s are noted. c, d, HAADF-
STEM and electron dispersive X-ray spectroscopy (EDS) maps of the as-deposited (c)
and heated (d, 325 ◦C, in-situ) Al-Ni-Ce sample. Scale bars are 10 nm. The EDS maps
are color coded: Al is red, Ce is blue, and Ni is yellow. The color intensity corresponds to
the local concentration in atomic percent, scaled to the minimum and maximum values.
Separate grayscale maps are provided in Figures S.7-8 The range of compositions reflected
in the color intensities in c are [94, 95] % Al, [3.5, 4.1] % Ni and [1.32, 1.35] % Ce, and for
d [94, 97] % Al, [0, 6.3] % Ni and [0, 3.4] % Ce, respectively. e, f, Schematic evolution of
solute-centered polyhedral packing within the AIF between two neighboring grains (G1
and G2, hatched) in the as-deposited and annealed states. Dashed lines indicate solute-
centered polyhedra, which exhibit more vertex sharing with annealing. Edge sharing
faces are noted by solid lines.
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Figure 5.9: a, Atomic PDFs showing short-range atomic correlations in as deposited
and annealed specimens. Comparisons to a 1 nm FCC Al model and glass substrate
PDFs are included for reference. b, Evidence of long range ripples at distances > 1.2 nm
potentially indicating some longer-range structural motifs within the amorphous phase.

reduce the connectivity of solute-centered atomic clusters giving rise to the pre-peak also

effectively minimize structural precursors to the equilibrium crystalline phases, result-

ing in enhanced thermal stability [270, 271]. The structural evolution evident in Figure

5.8b occurs concomitantly with the chemical enrichment of the AIF in Ni and Ce (Fig-

ures 5.1b,c, 5.8c,d, 5.10, 5.11). This increase in local Ni and Ce concentration from

Al94.6Ni4.1Ce1.3 to Al86.6Ni10Ce3.4 (Figures 5.8c,d, 5.12, 5.13) inhibits the regular packing

of solute-centered polyhedra, consistent with increasing thermal stability in amorphous

alloys with increasing concentrations of Ni and Ce [270].1 This is depicted schematically

in Figure 5.8e,f, where the solute centered polygons exhibit more edge-sharing in the

as-deposited case and more vertex-sharing with higher Ni and Ce concentrations. The

reduction in structural motifs that provide favorable templating with the equilibrium

Al11Ce3 and Al3Ni phase, the chemically challenging precipitation process, as well as

1Figures 5.12 and 5.13 were rebinned Figures 5.10 and 5.11 to 250 X 250 pixels (4x reduction) using
HyperSpy [176]. The pixel-wise EDS spectra were summed in order to generate spectra with sufficient
intensity for accurate elemental quantification.
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potential strain energy penalties [265] and size effects [264], all underlie the microstruc-

tural stability of the Al-Ni-Ce alloy. Interestingly, the intrinsic stability owing to the

formation of AIFs and its evolution to suppress precipitation act in a co-dependent way;

the thermodynamic stabilization mechanism evidently begets the kinetic ones.

Figure 5.10: EDS map of as-deposited Al-Ni-Ce alloy. a, HAADF image. Color elemental
maps of b, Al c, Ni and d, Ce.

Our detailed thermal analysis and characterization of the Al-Ni-Ce samples collec-

tively point to an emergent thermal stability. Annealing at temperatures below 325 ◦C

induces three phenomena that occur in concert: 1) chemical enrichment of the amor-
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Figure 5.11: EDS map of Al-Ni-Ce alloy heated in-situ to 325 ◦C. a, HAADF image.
Color elemental maps of b, Al c, Ni and d, Ce. Chemical redistribution of Ni and Ce to
grain boundaries is qualitatively demonstrated in c, d, compared to Figure 5.10c, d.

phous grain boundaries in Ni and Ce, 2) Al grain reorientation, and 3) a reduction in

the medium-range structural order of the AIFs. All three phenomena are fundamentally

mediated by diffusive activities, in good agreement with the low temperature activa-

tion energy obtained from calorimetric analysis. The chemical enrichment of the grain

boundaries, evident in the HAADF micrographs and EDS measurements, is consistent

with previous investigations of amorphous alloys due to the negligible solubility of Ni and

124



Thermal Stability of Nanocrystalline Al-Ni-Ce Chapter 5

Figure 5.12: As deposited EDS map post-processed in HyperSpy with reduced binning. a,
HAADF-STEM rebinned image. b, Al atomic quantification; c. Ni atomic quantification;
d, Ce atomic quantification.

Ce in Al [210]. Grain reorientation occurs as a result of diffusive events [27], potentially

minimizing the surface or grain boundary energy. The signatures from the X-ray total

scattering analysis suggest the increase in Ni and Ce in the AIFs causes a destabilization

of Ni- and Ce-centered, polyhedral, medium-range order in the amorphous regions of

the material, complicating intermetallic precipitation. These concerted effects enhance

the thermal stability of the microstructure by stabilizing the AIFs and concomitantly

improve the mechanical properties and deformation behavior of the alloy [142].
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Figure 5.13: 325 ◦C in-situ annealed EDS map post-processed in HyperSpy with reduced
binning. a, HAADF-STEM rebinned image. b, Al atomic quantification; c. Ni atomic
quantification; d, Ce atomic quantification.

5.3 Nanocrystalline monte carlo simulations

Researchers have recently demonstrated the use of lattice-based Monte Carlo simula-

tions for studying the effects of alloying in nanocrystalline metals [272]. These methods

are computationally inexpensive (specifically when compared with simulated annealing

or hybrid Monte Carlo molecular dynamics simulations), presenting a simplistic tool for

understanding performance of nanocrystalline alloys. The ’nanocrystalline Monte Carlo’

(NCMC) methods utilize a modified Ising model to distinguish between grain boundaries

and grain interiors, as well as atomic species, all of which have unique bond energies
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that can be estimated using bulk thermodynamic quantities. These methods utilize reg-

ular solution parameters, which have also been utilized to demonstrate nanometer-scale

equilibrium grain sizes in certain binary alloys, or discrete pairwise bond energies [188].

Investigations of mutlicomponent nanocrystalline alloys specifically can benefit from such

simulations, as the effects of alloying additions to these systems is often more complex

than in binary alloys [208,273,274]. Additional complexity can also be added in to NCMC

procedures, such as the incorporation of intermetallic precipitation or ordering (in cases

where the phases of interest are orderings on the host lattice) [275].

5.3.1 NCMC simulation procedure

The basic procedure for performing these simulations is as follows. First, a simulation

cell of a spatially extended lattice is created. For the simulations in this work, an FCC

lattice was used, but the method is applicable to BCC/HCP lattices as well. Next, a

microstructure is overlaid by assigning grain ids to sections of the lattice. This may be

done using Voronoi tessellation, or manually in case of special geometries (bicrystals,

triple points, etc.). The lattice is then decorated with different atomic species by assign-

ing different sites with different chemical ids to be used in calculating the total energy

(i.e. different species exhibit different bond energies). The simulation then proceeds by

performing Monte Carlo steps (swaps) until some stoppage criterion is met. In conven-

tional Monte Carlo simulations, reaching a constant chemical potential is frequently used

as a stoppage criterion, however this cannot be used here, as the overall composition of

the system is not changing. As such, these simulations are generally run for a large num-

ber of steps, and the total energy of the system should reach a constant value, suggesting

equilibrium. Two types of swaps are performed in these simulations: atomic swaps and

grain boundary swaps. At each Monte Carlo step, two atoms with different species ids
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are selected and switched. Following the metropolis algorithm, the swap is accepted if

either the change in energy of the system is negative (∆E < 0) or with a probability

of P = exp −∆E
kT

where k is the Boltzmann constant and T is the temperature (i.e. a

Boltzmann distribution). NCMC simulations in the literature perform grain boundary

swaps by randomly selecting an atom and changing its grain id either to match that of

an adjacent grain (resulting in grain growth) or by assigning it a new grain id (resulting

in grain nucleation) [208,272].

The bond energies used in these simulations are quite simplistic. For like elements,

the bond energies were estimated from the cohesive energy of the pure elements (Ecoh),

shown in Equation 5.1 where z is the coordination number and subscripts refer to the

type of bonding (i.e. aa, ab, bb, etc.) [276]:

Ecoh = zEaa (5.1)

The mixing enthalpies of binary alloys were used to calculate the pairwise bond energies

between unlike elemental species (Equation 5.2):

∆Hmix = z(Eab −
Eaa + Ebb

2
) (5.2)

The grain boundary bond energies for pure elements was calculated assuming a grain

boundary energy of 0.2 J cm−2 (for Al) combined with Equation 5.3, where γ is the grain

boundary energy, t is a grain boundary thickness (0.5 nm), and Ω is the atomic volume:

γa =
zt(Egb

aa − Ec
aa)

2Ωa

(5.3)

The grain boundary energies for unlike elemental species were calculated using estimates
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of the segregation enthalpies from [219,277,278], and Equation 5.4 from [279]:

∆Hseg =
z

2
(2Ec

ab − Ec
aa + Egb

aa − E
gb
ab −

Ec
aa + Ec

bb

2
). (5.4)

5.3.2 Bi-crystal studies

For the purposes of studying the Al-Ni-Ce alloy, modified NCMC simulations were

performed on bi-crystal geometries to study the anticipated segregation behavior of the

Ni and Ce in an Al matrix. Such a simulation does not incorporate the amorphous

structure of the grain boundaries, but is useful in interpreting one aspect of the chemical

segregation observed experimentally. The simulations were performed by creating a cell

with dimensions 20 X 20 X 5 (FCC unit cells) initialized such that a planar grain bound-

ary is created with its normal in the +y direction. The cell is then randomly decorated

with Ni and Ce solute atoms. The composition used in these simulations was Al97Ni2Ce1.

A 2D projection of this initialization is shown in Figure 5.14. In order to investigate the

segregation behavior of Ni and Ce, the grain boundary geometry was fixed, and periodic

boundary conditions were used, effectively creating a layered structure with two grain

boundaries. No grain boundary swaps were allowed during this simulation. The system

was then equilibrated at several temperatures over > 6,000,000 Monte Carlo steps.

In order to confirm equilibration of the system, the total change in energy of the

system was computed at every successful atomic swap. The changes in energy during

simulations performed at several temperatures are shown in Figure 5.15. It appears that

equilibrium is reached in all elevated temperature (> 0 K) simulations. The variability

in the higher temperature curves in Figure 5.15 diminishes after more successful Monte

Carlo swaps. At 0 K, conventional metropolis Monte Carlo simulations may result in

metastable equilibrium states, as the simulation only allows energetically favorable swaps.
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Figure 5.14: 2D projection of bi-crystal Monte Carlo initialization.

This may cause the system to become trapped and not necessarily sample the most

energetically favorable condition. That being said, the total reduction in energy for

simulations performed at 0 K after > 6,000,000 total Monte Carlo steps is generally

lower than those attained at elevated temperatures.

2D equilibrated snapshots, as well as grain boundary enrichment factor as a function

of temperature of the binaries - Al98Ce2 and Al98Ni2 - and ternary - Al97Ni2Ce1 - are

shown in Figure 5.16. Grain boundary enrichment factor (β) is the ratio of the local

grain boundary composition (χgba ) to the total concentration in the alloy (χa), as shown

in Equation 5.5:

β =
χgba
χa

(5.5)

While the enthalpies of segregation of Ce in Al reported in Ref. [219] are slightly

positive, experimental evidence of Al-Ce alloys and Ref. [277] suggest that Ce exhibits a

strong propensity for segregation away from Al. As such, the simulation was performed

with a negative enthalpy of segregation for Ce in Al (-20 kJ/mol). Ni, on the other

hand, exhibits a slightly positive enthalpy of segregation in Al, so a small, positive value
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Figure 5.15: Net change in energy of simulation cell as a function of successful Monte
Carlo steps in Al97Ni2Ce1.

was used in the simulation (5 kJ/mol). In the binary cases, this results in clear grain

boundary enrichment of Ce, and grain boundary depletion of Ni, evident both in the 2D

slices and in the grain boundary excess measurements. The pairwise interaction between

Ni and Ce is attractive, so an enthalpy of segregation of Ni in Ce of -25kJ/mol was

used. This value is more negative than the estimate in Ref. [219], but agrees with the

experimentally observed segregation behavior and negative mixing enthalpies [210, 278].

These bond energies result in in Ce and Ni enrichment of grain boundaries in the ternary

alloy at low temperatures. At high temperatures in the ternary alloy, the grain boundary

enrichment of Ni decreases, but remains greater than 1 for all simulations performed,

highlighting the import of ternary alloying in this system (i.e. including both Ni and Ce,

as opposed to just Ni or Ce). Lastly, the temperature at which Ce depletion begins is

shifted to higher temperatures in the ternary case.

131



Thermal Stability of Nanocrystalline Al-Ni-Ce Chapter 5

Figure 5.16: Equilibrated 2D snapshots of ternary Al97Ni2Ce1 (top left) and binary
Al98Ni2 and Al98Ce2 (bottom left) at 300K. The ternary system shows enrichment of
the grain boundary in both Ni and Ce, whereas only the binary Al-Ce exhibits grain
boundary enrichment. This is quantitatively shown in the grain boundary enrichment
figures on the right.
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5.4 Conclusions

These results underscore the role of multicomponent alloying and amorphous inter-

granular film evolution via chemical enrichment on the thermal stability of nanocrys-

talline alloys. The experimental investigation into the thermal stability of the nanocrys-

talline Al-Ni-Ce alloy suggest that the reduction in the short range order of the AIF

during low temperature annealing due to solute enrichment reduces the propensity for

intermetallic precipitation by reducing the amorphous structural motifs similar to those

in the equilibrium crystalline phases. This structural evolution within the AIF stabilizes

the nanocrystalline microstructure against grain growth up to high homologous tempera-

tures. The detailed chemical evolution studied using EDS mapping during in-situ heating

experiments suggests that the structural evolution is caused by chemical enrichment of

the grain boundaries in Ni and Ce, which have been supported by computationally inex-

pensive NCMC simulations. This study not only provides great insight into the structural

origins of thermal stability in AIF-containing nanocrystalline alloys, but also may be uti-

lized to identify novel multicomponent nanocrystalline systems which exhibit exceptional

thermal stability.
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Chapter 6

Elevated Temperature Mechanical

Properties of Nanocrystalline

Al-Ni-Ce

In the preceding chapter, experimental investigations into the origins of thermal stability

in an AIF-containing Al-Ni-Ce nanocrystalline alloy demonstrated that the evolution of

the atomistic structure of the amorphous content of the alloy give rise to the promising

microstructural stability. However, outstanding questions remain regarding the mechan-

ical integrity of AIF-containing alloys at elevated temperature. In this chapter, high

temperature nanoindentation will be utilized to demonstrate the excellent elevated tem-

perature strength of the nanocrystalline Al-Ni-Ce alloy. These results suggest that the

nanocrystalline Al-Ni-Ce alloy not only exhibits thermal stability exceeding that of many

thermally stable nanocrystalline alloys, but exhibits high temperature mechanical proper-

ties that outperform all current state-of-the-art Al alloys. Activation parameter analysis

of the temperature dependent strength suggests that, prior to second phase precipitation,

the weak temperature dependence can be ascribed to shear-transformation-zone based
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grain boundary plasticity within the AIFs. After intermetallic precipitation, the alloy ex-

hibits a stronger temperature dependence similar to that of precipitation strengthened Al

alloys. By combining these results with calorimetric modeling from the previous chapter,

a model for anticipating the transition between strength regimes after various thermal

exposures is proposed.

6.1 Elevated temperature mechanical properties

The room and elevated temperature mechanical properties of the Al-Ni-Ce alloy mea-

sured by high temperature nanoindentation. These data were converted to strength

values assuming a Tabor factor of 3 (i.e. σ = H
3

) [20, 97, 197]. This Tabor factor is

large given the high hardness to modulus ratio [280], resulting in lower reported strength

values, but was used to account for any potential pressure sensitivity of the alloy [40].

Figure 6.1 presents an estimate of the room temperature specific strength of the Al-Ni-Ce

alloy. The density was calculated using the composition of the alloy determined by EDS

(Al94.9Ni3.8Ce1.3), and the elemental densities for constituent elemental metals. Figure

6.1 demonstrates the high strength, low density, and extremely small grain size of the

Al-Ni-Ce alloy relative to many Al-based alloys. The properties of conventional Ti-6Al-

4V and Mg AZ31B, both high specific strength alloys utilized in aerospace applications,

are included here as well to demonstrate the exceptional properties of the Al-Ni-Ce alloy.

The temperature-dependent properties (Figure 6.2) of the as-deposited Al-Ni-Ce al-

loy demonstrate that while several nanostructured Al alloys exhibit comparable room

temperature strength, our alloy exhibits higher strength at elevated temperatures com-

pared to all previously reported nanostructured and high performance conventional Al

alloys [283,290–293]. The strength decreases from 1650 MPa at room temperature in the

as-deposited state to 1350 MPa at 250 ◦C. After heating to 250 ◦C and cooling back down,
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Figure 6.1: Estimated specific strength of Al alloys as a function of grain size. High
specific strength alloys Ti-6Al-4V and Mg AZ31B are included for comparison. Data
measured by indentation is colored in green. Data from references [230,239,281–289]

the room temperature strength of the alloy attains a maximum of 1800 MPa, providing

additional corroboration of a grain boundary relaxation process. The strength drops

considerably at temperatures above 300 ◦C due to significant microstructural evolution

and intermetallic precipitation, evident in the room temperature hardness measurements

performed after heating (Figure 6.2, hatched marker). At 325 ◦C the strength was mea-

sured to be 230 MPa - a large reduction relative to the room temperature performance of

the alloy, but still considerably higher than many precipitation-strengthened Al-alloys,

including high-performance Ce-containing cast Al-alloys [292,293].
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Figure 6.2: Elevated temperature mechanical properties of the Al-Ni-Ce alloy, alongside
conventional (1XXX-7XXX series) alloys, Sc and Ce containing alloys, and other high
performance Al-alloys (data from [283,290–293]). Error bars for the Al-Ni-Ce sample are
within the marker. The maximum room temperature strength was recorded after heating
to 250 ◦C is noted by the single hatched hexagonal marker. The room temperature
strength after heating to 325 ◦C is noted by the cross hatched hexagonal marker.

6.2 Activation parameter analysis

Despite these impressive elevated temperature mechanical properties, the mechanis-

tic origin underpinning the temperature-dependent strength of the alloy is not obvious.

While all metallic alloys exhibit temperature-dependent strength, we seek to unravel the

competing roles of the amorphous and crystalline domains on this temperature depen-

dence in our AIF-containing nanocrystalline alloy. In order to isolate these effects, we
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first consider the role of the amorphous phase on the strength. Bulk amorphous metals

exhibit a near universal temperature-dependent yield strength [294], presented below:

τ

G
= (0.036± 0.002)− (0.016± 0.002)× T

Tg

2
3

(6.1)

where τ is the shear yield stress, G is the shear modulus, T is the temperature and Tg is

the glass transition temperature. The relationship in Equation 6.1 was derived using shear

transformation zone (STZ) theory, and numerical parameters for the critical shear strain

necessary to initiate plasticity were fit with a large body of data on numerous metallic

glasses. The temperature dependent yield strength according to this universal yield

description in amorphous alloys using a shear modulus of 29 GPa and a glass transition

temperature of 220 ◦C [212, 295] for the Al-Ni-Ce alloy are presented in Figure 6.3.

While the absolute strength predicted by the universal yield description in amorphous

alloys does not suffice in predicting the properties of the Al-Ni-Ce alloy (Figure 6.3), the

temperature dependence is quite similar, suggestive of a similar underlying deformation

process.

One promising attribute of elevated temperature indentation testing is the ability

to derive activation parameters from both the rate and temperature sensitivity of the

measured properties, which provide insight into the mechanistic underpinning of the me-

chanical behavior. Several analysis techniques exist for extraction of these parameters

from testing, such as those explored in Refs. [296–298]. However, given the substrate

influence on the indentation modulus (Figure 2.5), several of these techniques are unsuit-

able for the present data. Nevertheless, using a phenomenological, power law description

for the ‘steady state’ yield strength [296], σs, we can extract activation parameters as
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Figure 6.3: Elevated temperature strength of Al-Ni-Ce alloy with universal strength
dependence derived for bulk metallic glasses from Ref. [294].

follows:

σs = Kε̇m (6.2)

where K is a pre-exponential factor, ε̇ is the strain rate and m is the rate sensitivity.

Next, we assume that the strain rate is governed by a thermally activated mechanism

such that:

ε̇ = B exp
−∆G∗

kT
(6.3)
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σs = K ′ exp
−m∆G∗

kT
(6.4)

where B, K ′ are constants, k is the Boltzmann constant, and ∆G∗ is the apparent

activation enthalpy. From this description, we can calculate the apparent activation

energy by obtaining the slope of ln(σs) vs m
T

, which yields an activation enthalpy of 12.7

kJ mol−1 or 0.13 eV for the AIF regime, and an activation enthalpy of 120 kJ mol−1 or

1.24 eV for the intermetallic regime. Strain rate sensitivity values were measured during

indentation jump tests performed at each testing temperature. The activation volumes

measured during jump tests at room temperature prior to microstructural coarsening are

unusually high and were not used for activation parameter analysis; rather, activation

volumes of 8 b3, consistent with AIF-containing elevated temperature measurements as

well as those reported in Ref. [142], were utilized for the room temperature activation

volume when performing activation parameter analysis. All data measured (and utilized

in these calculations) are presented in Table 6.1. Corresponding fits to data are presented

in Figure 6.4.
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Figure 6.4: Mechanical properties of the Al-Ni-Ce alloy, along with corresponding fits
from activation parameter analysis.
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Table 6.1: Summary of elevated temperature indentation testing - testing temperature, previous

thermal exposure, hardness, and rate sensitivity measurements.

Test

Temperature

(◦C)

Previous

Exposure

(◦C)

Ho (GPa)
Activation Volume

(b3)

Strain Rate

Sensitivity, m

25 25 5.16 ± 0.04 123 ± 54* 0.0023 ± 0.0007

25 200 5.43 ± 0.07 181 ± 84* 0.0016 ± 0.0008

25 250 5.42 ± 0.06 207 ± 119* 0.0015 ± 0.0007

25 325 3.05 ± 0.11 11 ± 1 0.0373 ± 0.0026

100 25 4.81 ± 0.15 32 ± 21 0.0140 ± 0.0060

200 25 4.52 ± 0.07 10 ± 2 0.0501 ± 0.0091

250 25 4.04 ± 0.11 6 ± 1 0.1000 ± 0.0150

325 25 0.67 ± 0.07 31 ± 2 0.1390 ± 0.0076

* All activation parameter calculations were performed using a room temp (25 ◦C) activation volume of 8 b3

from Ref. [142]. The origin of the large room temperature activation volume data measured in the Al-Ni-Ce alloy during

jump testing is actively being investigated.

142



Elevated Temperature Mechanical Properties of Nanocrystalline Al-Ni-Ce Chapter 6

Focusing on the AIF regime, we can estimate the Helmholtz activation energy as

described in Ref. [62] through the addition of the mechanical work as follows:

∆F = ∆G∗ + ∆W∆W = νactσ = νact
H

3
(6.5)

where νact is the activation volume, σ is the stress, and H is the hardness. This cal-

culation results in a Helmholtz energy between 0.9 and 1.35 eV, which agrees excellently

with that for STZ activity in a monolithic Al-based glass [299] and grain boundary atom-

istic shuffling in nanocrystalline metals [62]. While estimating STZ volume using such

analysis is the subject of fervent debate, and may not provide physically meaningful in-

formation, using the formulation presented in Ref. [62], the STZ-size can be estimated by

dividing the activation volume by the critical shear strain to initiate plasticity, assumed

to be 0.2. This results in an estimated STZ volume for the Al-Ni-Ce alloy is between 0.7

and 1.1 nm3, or 43-67 atoms. The reader is encouraged to compare these values with the

grain boundary thickness distributions presented in Chapter 4, Figure 4.7, as well as the

size of the domains measured from synchrotron experiments, Figure 5.9.

These observations suggest that the rate limiting feature of the mechanical behavior

of the AIF-containing Al-Ni-Ce alloy regime is STZ activity in the AIF-grain boundary

regions, consistent with previous studies of crystalline-amorphous nanolaminates [300].

Other researchers have noted that such STZ-like grain boundary deformation displays

a temperature dependence similar to that of the universal yield criterion for metallic

glasses [62], which agrees well with Figures 6.3 and 6.4. Although this precise deformation

mechanism has been argued to underpin the deleterious shear localization behavior in

nanocrystalline metals at low temperatures [62, 233], STZ-like rate limiting deformation

mechanisms provide intrinsic high temperature strength retention in our ternary alloy,

suggesting that AIFs not only enhance microstructural stability and damage tolerance,
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but enable high temperature strength.

6.3 Predicting the transition in deformation behav-

ior

The dramatic reduction in strength at 325 ◦C is due intermetallic precipitation, elim-

inating the AIFs and enabling microstructural coarsening. This is evident not only in

the reduction in room temperature strength collected after heating to 325 ◦C, but also in

the activation analysis for these data. This analysis suggests a Gibbs activation enthalpy

of 1.24 eV for the precipitation regime (shown in Figure 6.5), identical to dislocation-

mediated behavior in UFG Al [298]. We use this mechanistic insight, combined with the

kinetic parameters obtained from our calorimetry, to next predict the transition between

the AIF-controlled and precipitation regimes, which is essential in designing materials

for critical applications. Given the origin of this transition is rooted in intermetallic pre-

cipitation, we can apply the Kissinger analysis (Figure 5.4b) to estimate the transition

temperature of mechanical properties due to precipitation. Since this method provides a

relationship for peak temperature during non-isothermal conditions, it serves as a conser-

vative estimate of this transition by calculating the peak temperatures for precipitation

with an equivalent heating rate of the total thermal exposure per 1 ◦C. For instance, for a

30 min exposure, the equivalent heating rate would be 1◦C
30min

≈ 5.54×10−4 ◦C
s

, correspond-

ing to an estimated peak or transition temperature of 288 ◦C, in excellent agreement with

the experimental data. Additional estimated transition temperatures are included in 6.5

for 2 and 1000 hours at temperature. These estimates are quite conservative - Figure

5.1c demonstrates microstructural stability for 1 hour at 325 ◦C, while the calorimetric

model predicts stability for less than 10 minutes - but are useful for applications where
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retention of strength at temperature is critical. Such a simplistic model may also enable

high-throughput screening of future novel alloys with the primary objective of increasing

the precipitation peak temperature, enabling nanocrystalline alloy development for even

higher temperature applications.

Figure 6.5: Projected transition temperatures for various time exposures from calorimet-
ric modeling, alongside strength and activation parameter analysis above.

6.4 Conclusions

In this chapter, we have discussed the high temperature mechanical behavior of the

Al-Ni-Ce alloy. Elevated temperature indentation measurements suggest the Al-Ni-Ce
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alloy exhibits strength retention that outperforms all high performance Al-alloys to date

below 300 ◦C and absolute strengths comparable with high performance alloys at higher

temperatures, despite precipitation of intermetallic phases and coarsening of the mi-

crostructure. Analysis of these high temperature data suggest grain boundary mediated

STZ-like activity dominates the mechanical behavior prior to intermetallic precipitation,

manifest in a weaker temperature dependence on strength than conventional Al-alloys.

Finally, calorimetric analysis is able to provide a conservative estimation of the transition

temperature between AIF-controlled and precipitation-controlled mechanical properties.

These results not only demonstrate the scientific origin of the exceptional properties of

this Al-Ni-Ce alloy, but also provide insight into alloy design strategies that embrace the

presence of atomic disorder, ultimately leading to alloys with exceptional high tempera-

ture performance.
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Conclusions and Perspective

This thesis has presented several experimental studies investigating the role of grain

boundary structure in controlling the properties of nanocrystalline metals. First, in

Chapter 3, the effects of non-equilibrium processing, namely femtosecond-laser irradia-

tion, on the strength of several nanocrystalline alloys was presented. Much of the motiva-

tion for this investigation was the recent advancements in processing techniques available

for tailoring the properties of metallic glasses, such as HPT, cryogenic cycling, and con-

trolled thermal exposures, all of which enable isochemical control over the strength and

ductility of amorphous metals. Nanocrystalline metals, while arguably similar to metallic

glasses, have not been subjected to non-equilibrium processing in order to tailor their

properties, likely due to the limited processing routes available to selectively target grain

boundaries. The use of the femtosecond laser to induce a highly non-equilibrium state

at grain boundary regions is the first example of such targeted processing. Femtosecond-

laser irradiated nanocrystalline metals demonstrated a significant decrease in hardness,

dependent upon the structural and energetic state of the boundary. Al-O, 316L stain-

less steel and slowly cooled Cu-Zr exhibited the largest decreases in hardness, ranging

from 70-90% normalized reductions. Quenched Cu-Zr, Al-Ni-Ce, and as-deformed 316L
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stainless steel exhibit a smaller reduction due to their initial high-energy grain bound-

ary structures. All reductions in hardness were reversible through relaxation processing,

suggesting that femtosecond-laser irradiation induces structural rearrangements at grain

boundaries resulting in driving the grain boundary state further from equilibrium. Com-

bined with detailed atomistic simulations, these results suggest that rejuvenation is an

inherent property of grain boundaries, irrespective of the specific alloy in question. The

results presented in Chapter 3 suggest that such processing routes may be extremely ben-

eficial in controlling site-specific properties of a nanocrystalline metal by directly affecting

the local structure and increasing the energetic state of the grain boundaries.

Chapters 4-6 present experimental investigations of a nanocrystalline Al-base alloy

with Ni and Ce alloying additions. These results highlight the importance of grain bound-

ary state on the room temperature strength, deformation morphology, and deformation

physics (Chapter 4); thermal stability (Chapter 5); and elevated temperature mechanical

behavior (Chapter 6). The multicomponent alloy chemistry and highly non-equilibrium

synthesis technique (sputtering) utilized to prepare the Al-Ni-Ce alloy allows for inves-

tigations into the structural evolution from high energy grain boundary states in the

as-deposited condition to more relaxed grain boundaries after annealing. This evolution

is evident in the mechanical behavior, including increased strength (4.6 - 5.4 GPa), sup-

pression of strong shear localization during indentation, and concomitant transitions in

deformation mechanism from intergranular to intragranular plasticity at room tempera-

ture.

The thermal behavior of the alloy also demonstrates the impact of the grain bound-

ary evolution. Calorimetric studies of the Al-Ni-Ce alloy performed at a variety of fast

heating rates confirm the presence of two exothermic events, indicative of grain bound-

ary chemical enrichment (and relaxation) and intermetallic precipitation. Heating rate

analysis demonstrates that the grain boundary enrichment event occurs via diffusion of
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alloying additions within the crystalline domains, whereas the intermetallic precipitation

event is much more difficult than any other reported precipitation reaction in amorphous

Al alloys.

The investigations into the Al-Ni-Ce alloy also emphasize the importance of amor-

phous intergranular films on mechanical and thermal behavior of the alloy. While there

are numerous metastable grain boundary core structures that do not include spatially

extended amorphous zones, amorphous intergranular films have been shown to dramat-

ically increase the thermal stability of several nanocrystalline alloys, and are extremely

promising from an alloy design perspective. The amorphous intergranular films in the

Al-Ni-Ce alloy demonstrably enhance the microstructural stability compared to a pure

Al alloy, evidenced by the extremely fine grain size of the alloy at room temperature vs

the micrometer-size grains in the pure Al sample prepared identically. Furthermore, the

Al-Ni-Ce alloy exhibits thermal stability that exceeds many ’thermally stable’ nanocrys-

talline alloys, owing to the amorphous grain boundaries akin to Cu-Zr, Ni-Zr and Cu-

Zr-Hf alloys in the literature. The presence of amorphous intergranular films seemingly

increases the difficulty for intermetallic precipitation and reduces Al diffusion between

neighboring grains, both of which prevent microstructural evolution during in-situ an-

nealing studies. Structural characterization of the amorphous content of the alloy via

X-ray diffraction suggests that the medium-range atomistic order, which exhibits similar

symmetries to the intermetallic equilibrium structure in the as-deposited condition, be-

comes less ordered during annealing due to the enrichment in Ni and Ce. This structural

and chemical evolution prevents easy crystallization into the equilibrium intermetallic

phases after thermal exposures below the precipitation temperature, and is manifest in

mechanical properties as well, such as the increase in modulus observed during room

temperature indentation, transition in deformation morphology, and exceptional high

temperature strength.
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Overall, these studies suggest that grain boundary engineering accessed via targeted

processing or alloying to modify the local grain boundary structure is a promising new

avenue for controlling the properties of nanocrystalline metals. Both targeted processing

and alloying have been shown to alter the metastable state of the grain boundaries in

nanocrystalline metals, affecting their polycrystalline, ensemble behavior. This is mani-

fest in controlled changes in strength and thermal evolution, however additional work is

needed to precisely quantify the relative importance of competing structural and chemical

effects. Alloying effects on grain boundary structure appear more potent - the structural

analysis of grain boundaries in the Al-Ni-Ce alloy highlight the important of multicom-

ponent alloying strategies to mitigate thermal stability and impart resistance to shear

localization, both of which have direct applicability for designing next generation Al (or

other) alloys with exceptional strength and elevated temperature performance. Com-

pared with processing effects, which, on their own, appear to only affect the mechanical

response by modifying the grain boundary structure, alloying is seemingly more impor-

tant for producing high performance nanocrystalline metals. Nevertheless, nonequilib-

rium rejuvenation processing is a nascent and promising approach for modifying grain

boundaries, and as such, may prove to be more effective in creating nanocrystalline com-

ponents with greater functionality moving forward. Investigations into novel processing

routes that selectively target grain boundaries, as well as the effects of these processing

routes in alloyed systems, are less likely to succeed than alloying studies alone, but may

enable precise control of the deformation behavior in nanocrystalline metals, enhancing

both scientific and industrial interest in nanocrystalline metals.
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7.1 Recommendations for further study

While targeted processing routes and alloying may enable production of nanocrys-

talline metals with desirable properties, enabling their use in practical engineering ap-

plications, the investigations in this thesis present several avenues for future research to

better understand these phenomena, broadening their applicability to real engineering

materials. Suggestions are outlined below.

7.1.1 Processing effects

The results presented in Chapter 3, including the detailed modeling work performed

by Bai et al. [143], suggest that the femtosecond laser processing produces non-equilibrium

grain boundaries, which serve to decrease the strength of nanocrystalline metals. Re-

cently, efforts combining detailed electron microscopy, atom probe tomography, and

atomistic simulations have been used to observe non-equilibrium grain boundary struc-

tures in bi-crystals of Cu [65], triple points [301] and grain boundaries in Si [302]. While

such efforts are challenging in nanocrystalline metals, due to the large number of small

grains which complicate experimental efforts to isolate a single grain boundary, the ef-

fects of non-equilibrium processing on grain boundaries in a coarser grained material

may prove insight into the underlying behavior during femtosecond laser irradiation. To

study this, I suggest the following experimental and computational plan:

• Sputter deposit 1-2 micrometer thick Cu films onto (0001) or (01̄01) Sapphire wafers

near 200 ◦C, akin to the molecular beam epitaxy method presented in [65, 301–

304], which encourages a semi-epitaxial, coarse grained, <111> or <110> growth

direction texture in the copper.
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• Perform coarse EBSD scans of the microstructure to identify high symmetry, planar

grain boundaries.

• Lift out TEM lamella of grain boundary and characterize near surface atomistic

structure of grain boundary using high resolution HAADF STEM.

• Expose nearby region of the same grain boundary with a sub-ablation femtosecond

laser pulse.

• Extract TEM lamella of exposed boundary and characterize structure identical to

previous sample to observe any structural modifications.

These experiments can be coupled with MD heating simulations similar to [143] to iden-

tify likely metastable grain boundary structural motifs of Cu grain boundaries in MD

simulations. Multislice TEM simulations [305] can be performed on the resulting sim-

ulated grain boundary structures to compare with experimentally observed atomistic

structures.

Other researchers [42] have suggested that a larger volume fraction of non-equilibrium

grain boundaries may enhance the overall ductility and prevent catastrophic failure via

significant shear band formation, at the expense of strength. While such behavior is

evident in amorphous metals, and indirectly in Ref. [42], it is still not clear if the presence

of metastable grain boundaries improves tensile ductility or other mechanical properties

such as fatigue or wear. Until bulk nanocrystalline samples can be synthesized, likely by

powder-metallurgy routes, tribology experiments may be simple ways to elucidate the

role of metastable grain boundaries on the wear behavior:

• Perform spherical indent scratch testing on both pristine and femtosecond irradi-

ated regions.
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• If any measurable differences are observed, further characteristics of the wear be-

havior may prove interesting, such as depth dependence, plowing behavior with

different tip geometries, or microscopy investigations into microstructural evolu-

tion beneath the wear track.

While other researchers have suggested the relaxation state of the grain boundary

significantly affect the wear behavior [306], and that well-relaxed, stable grain boundary

structures provide enhanced wear behavior [307], femtosecond laser processing enables

direct assessment of the differences between alloying and metastable grain boundary

structure on properties.

Lastly, cryogenic cycling has been observed as a promising rejuvenation processing

route for metallic glasses [95]. While initial exploratory efforts into the effect of cryogenic

cycling on HPT refined 316L stainless steel samples proved unsuccessful Figure 7.1, ex-

ploring the effects of cryogenic cycling on the tensile ductility of free-standing Al-Ni-Ce

films with amorphous grain boundaries may behave differently. As the effects of cryo-

genic cycling appear more prominent in La-based glasses, the high Ce content in grain

boundary regions in these samples may prove amenable to structural evolution due to

cryogenic cycling than grain boundaries in the austenitic stainless steel used in initial

experiments. Quick screening can be performed using hardness testing of films on Si

substrates, followed by in-situ tension testing of freestanding films.

7.1.2 Alloying effects

The results presented in Chapters 4-6 emphasize the importance of alloying to alter

grain boundary structural motifs, and the concomitant effects on properties of nanocrys-

talline metals. Substantial efforts are currently underway to develop novel nanocrystalline

alloys with amorphous intergranular films to improve their thermal stability relative to
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Figure 7.1: a, Hardness of 20 nm 316L stainless steel prepared by HPT as a function
of cryogenic cycles. b, Hardness of 50 nm 316L stainless steel prepared by HPT vs
cryogenic cycling. Cycling was performed by dunking the sample in liquid N2 for 1
minute, removing it and allowing the sample to cool in contact with a brass heat sink for
1 minute. It appears there is a strong grain size effect in these samples, although further
experiments are needed to verify.

the Al-Ni-Ce alloy, so I will outline a few ideas for experiments to elucidate the funda-

mental behavior of nanocrystalline metals with amorphous grain boundaries and the role

of local chemistry, rather than alloying strategies to further enhance the properties of

known nanocrystalline metals with amorphous grain boundaries. While simulations have

demonstrated the role of amorphous grain boundaries in enhancing ductility of Cu-Zr

alloys by increasing the dislocation absorption capacity of grain boundaries [248], ex-

perimental observations of such fundamental dislocation-level phenomena has not been

reported in the literature. To assess this, the following experimental plan is proposed:

• Akin to previous experimental plan, and those performed by [304], Cu pseudo-

epitaxy films sputtered on Sapphire can be prepared, with a subsequent deposition

of 10-20 nm of Zr, Hf, or alloyed Zr-Hf. The combination of Zr and Hf may

be beneficial for producing thick amorphous films for diffraction-based structural

characterization [135].
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• Films can be annealed to induce Zr/Hf diffusion to grain boundaries in Cu, fol-

lowed by rapid quenching [73], and initial TEM liftout and characterization of

grain boundaries to ensure the presence of amorphous intergranular films.

• In-situ deformation TEM samples can then be prepared by FIB, and deformed

such that individual dislocations can be observed interacting with the amorphous

grain boundary. If possible, these experiments can be coupled with high resolution

imaging [304] and nanobeam diffraction [308–310] to elucidate structural evolution

within the amorphous intergranular film.

7.1.3 Combined processing and alloying

In isolation, either alloying or processing are likely insufficient to produce nanocrys-

talline metals with a wide variety of tailorable properties; combined alloying and process-

ing may prove effective in producing nanocrystalline metals with both exceptional and

tailorable properties.

The sequence of events leading to the formation of amorphous grain boundaries has

not been experimentally observed. Unlike the detailed atomistic / high resolution mi-

croscopy investigation proposed to investigate the formation of unusual grain boundary

structures due to laser irradiation, the in-situ heating experiments performed on the

Al-Ni-Ce alloy in Chapter 5 are likely quite amenable to observations of grain bound-

ary amorphization in alloys with slightly larger grain sizes than the Al-Ni-Ce material.

As such in-situ heating experiments performed on sputter deposited Cu-Zr or Cu-Zr-Hf

nanocrystalline alloys, which exhibit substantially larger grain sizes than the Al-Ni-Ce

material when deposited [125], may yield insight into this phenomena.

• Electron transparent (20-40 nm) thick Cu-Zr films can be sputtered onto a Pro-

tochips heating platform chip.
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• After initial microscope setup and selection of grain boundaries in appropriate

diffraction conditions to view evolution of the grains and the boundary, long EDS

scans can be performed to study the as-deposited chemical distribution.

• Samples can then be heated quickly to 925 ◦C while imaging. According to [73,

75,125,135], amorphous intergranular films should form at this temperature, which

should be captured during the experiment.

• After holding at elevated temperature for several minutes for adequate imaging, the

sample can be quenched down to room temperature. The grain boundary structure

can then be characterized at room temperature, including additional long EDS

scans.

• Additional thermal exposures can be performed to watch the dissolution of the

amorphous film at moderate temperatures [73], the effect of quench rate, as well as

in-situ observations of grain growth (provided sufficient microscope time).

• Further additional experiments performed with Cu-Zr bi-crystalline samples as in

previous suggested studies manipulated onto Protochips heating platform can also

be performed to simplify any complications owing to the nanocrystalline microstruc-

ture, and provide atomistic insight into this behavior.

Investigations of the effect of fs-laser irradiation on Cu-Zr and Al-Ni-Ce alloys pre-

sented in Chapter 3 suggest that the extent of the reduction in hardness of these materials

is smaller due to their initially non-equilibrium grain boundary structure, however the

overall effect of fs-laser irradiation on deformation morphology is still unclear. The pro-

fuse shear banding behavior in the as-deposited Al-Ni-Ce alloy presents an opportunity

to quickly investigate the effect of fs-laser irradiation on deformation morphology. Pre-

liminary investigations demonstrate a significant change in shear band morphology after
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Figure 7.2: Morphological evolution of as deposited Al-Ni-Ce shear localization behavior
after laser irradiation. a, unirradiated sample containing profuse shear bands beneath the
indenter. b, 0.19 J cm−2 irradiated sample exhibiting a strange deformation morphology.
c, load displacement curves demonstrating an apparent reduction in localization events
after laser irradiation, indicated by constant load, ’pop-in’ events.

laser irradiation Figures 7.2 and 7.3, which may have implications for the deformation

behavior during more conventional loading - namely ductility. In-situ tension tests per-

formed in the SEM on freestanding samples in the as-deposited, 200 ◦C annealed, and

fs-laser irradiated states would provide insight into the effects of both annealing and

fs-laser irradiation on macroscopic ductility. Finally, X-ray synchrotron studies elucidat-
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Figure 7.3: Morphological evolution of 200 ◦C annealed Al-Ni-Ce alloy a, before fs-laser
irradiation and b, after 0.23 J cm−2 fs-laser irradiation. Scale bars are 1 µm.

ing the structural evolution of the amorphous grain boundaries after fs-laser irradiation,

similar to the experiments presented in Chapter 5, would provide both macroscopic prop-

erty level effects (i.e. changes in strength and ductility) and atomistic insight into grain

boundary modification. The insight gleaned from these and other suggested experiments

would greatly enhance our detailed understanding of the importance of grain boundary

metastability on important mechanical properties, and nuances associated with combined

alloying and processing of nanocrystalline metals.
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Appendix

A.1 AJA Sputtering System Manual

Below is a brief guide to basic operation of the AJA sputter deposition system in the

materials processing lab (MPL) at UCSB. Additional information can be found in the

documentation on the flash drive hooked to the sputter chamber, by calling AJA directly,

or by asking other members of the Gianola group (Ashley Roach & Dr. Jungho Shin).
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1. Overview

Figure A.1: Sputter Chamber Overview

2. Powering up the system:

(a) Ensure that all gas vent and process gas lines are closed (N and Ar, typically)
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(b) Ensure that the “Vacuum Pumps” switch on the EMOC power distribution

system is “Off”

(c) Move the lever on the large “AJA Sputtering” safety box/switch box next to

the fridge to the “On” position

(d) Go to the back of the system and power on the water chiller

i. Turn the power switch on the back of the device to the “on” position

ii. Once the system has turned on, press the “Run/Stop” button on the front

of the instrument for water to begin flowing.

(e) Go to the front of the instrument

(f) On the top panel of the instrument is the EMOC power distribution system.

i. Ensure that the “Emergency Stop” button is retracted

ii. Turn the leftmost “Mains On/Off” switch to “on”

iii. If the water interlock button is illuminated, ensure that the chiller is on

and running and press the button to reset. If the button continues to be

illuminated, see Troubleshooting.

iv. If the chamber is under vacuum below 1 Torr, and you do not need to

change targets, flip “Vacuum Pumps” switch to “On” and see “Other”.

v. Otherwise, leave “Vacuum Pumps” switch in “Off” position.

(g) Go to the back of the instrument and locate the water relays labeled 1-5

(h) At this point, they should all have an illuminated green LED beneath the

label

(i) Check to ensure that the relays are functioning properly. Complete the fol-

lowing procedure for each of the 5 relays within 15-30 seconds, otherwise the

system will shut down:
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i. Turn off the flow of water off by closing the valve

ii. Ensure that the green light stops being illuminated – you will likely hear

a click from the relay

iii. Turn on the flow of water by opening the valve

iv. If all relays are functioning, continue to the next section

3. Venting and opening the main chamber:

(a) To preserve vent gas, we need to keep the load lock under vacuum during this

process. Locate the PD-30S power distribution box immediately beneath the

“Vacuum Pumps” switch on the EMOC.

i. Ensure that the manual gate valve between the chamber and load lock is

closed

ii. Ensure that the load lock lid is in place

iii. Flip the “Mains Power” switch to the “On” position

iv. Flip the “Vacuum Pumps” switch to the “On” position

v. You will hear the load lock turbo begin to spin up and the mechanical

backing pump for the load lock begin to pump down the load lock. The

pressure gauge for the load lock will also indicate this

(b) Go to the back of the instrument and turn on the vent gas (N) – CHECK

THIS STEP!!!!

(c) Ensure that the “Vacuum Pumps” switch on the EMOC is off

(d) Hopefully, the main chamber will have been left under vacuum by the previous

user. Check the pressure of the chamber by using the “Inficion” controller on

the front panel. If this is less than atmosphere, go to step 5. If this is at

atmosphere, go to step 6
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(e) SLOWLY open the vent valve on the main chamber. You will hear the system

as it is venting and can watch the pressure using the Inficion gauge

(f) Once the chamber reaches atmospheric pressure, close the vent valve and the

vent gas regulator

(g) Ensure that the substrate RF Bias cable is disconnected from the lid of the

chamber

(h) Ensure that the substrate holder/heater is raised up to the marker labeled

“venting” using the joystick beneath the laptop.

(i) Rotate the combinatorial mask and QCM to be located in the center of the

instrument using the two levers with black plastic on the lid. These are most

easily accessed from the rear of the instrument.

(j) Check using the viewing windows that these components are not going to

collide with anything when the lid is raised

(k) Remove the metal “T” lock from the hoist to allow the lid to rotate when

raised

(l) Check the following before proceeding:

i. RF Cable unplugged

ii. Mask & QCM rotated in

iii. Chamber at ATM

(m) Go to the EMOC panel and turn the “Hoist Up/Down” switch to the “Up”

position, and hold until the lid is raised

(n) Feel free to push the lid to the left by touching only the exterior. Do not touch

the interior of the main chamber without gloves. Ensure that the lid does not

hit the thermal evaporator next to the instrument
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4. Cleaning components:

Please use gloves whenever touching components that will be used in high vacuum.

In particular, steps 1, g-i

(a) Inspect the gun and chimney assembly, shutters, and substrate holder. If you

plan to do any sensitive depositions, remove these components and place in

plastic bin

(b) To clean, take pieces over to sandblasting room

(c) Check the log to ensure that any compromising materials (Zn, Sn, Pb, etc.)

have NOT been used in the sandblaster with the current medium. If so, please

contact Deryck Stave.

(d) Sandblast each component until clean

(e) Remove as much of the blasting medium as possible from the blasted compo-

nents before returning to the MPL. Remember to lock the door to sandblaster

room when finished.

(f) Remove additional sand using compressed air from each component

(g) Sonicate components in the following solutions in order: (i) acetone, (ii) iso-

propanol, (iii) di water

(h) Dry each component using compressed air

(i) Wipe each component with a Kimtech wipe with isopropanol and let dry

5. Changing Targets:

Ask for guidance when changing targets for the first time.

Some good tips include:
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• Ensure that there is good contact between the target and the copper (heatsink)

gun components.

• When tightening, ensure that screws are “technician” tight – i.e. ≈ 1/8 – 1/4

turn past when the screw feels tight on initial tightening

• When replacing shutters, open and close with the Phase2J software to ensure

that they are mounted correctly.

6. Pumping down the main chamber:

(a) Once the chamber is ready to be pumped down, rotate the lid directly over

the chamber by only touching the exterior of the lid

(b) Use a Kimtech wipe with isopropanol to wipe down the main chamber O-ring

and Lid to ensure both surfaces are clean and free of debris

(c) Ensure that the vent valves on the front of the main chamber are closed

(d) Go to the EMOC panel on the front of the instrument

(e) Ensure that nothing is between the lid and the main chamber – please an-

nounce loudly that you are closing the lid to ensure that any passerby does

not get injured during this process

(f) Turn the “Hoist Up/Down” nob to the “Down” position until the lid is resting

completely on the main chamber

(g) On the “VAT” controller, press and hold the “Local” button to put the gate

valve controller on the main chamber turbo in local control mode

(h) Ensure that the main chamber turbo is fully powered off. If not – see item 3

(i) Fully open the main chamber turbo gate valve by depressing the “Open”

button on the “VAT” controller
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(j) Ensure that the vent gas (N) is open for the following procedures – the turbo

pumps use the vent gas in the event of a power outage to spin down without

harming the pumps.

(k) Flip the “Vacuum Pumps” switch on the EMOC box to the “On” position.

You should hear the mechanical backing pump and the turbo start up and

begin pumping down the main chamber

(l) The chamber should reach mid 10−5 Torr within an hour or so, and mid 10−7

Torr if the chamber is left pumping overnight

7. Venting the load lock:

(a) Ensure that the manual gate valve between the main chamber and the load

lock is completely closed

(b) Ensure that the vent gas (N) is on

(c) To vent the load lock, flip the “Vacuum Pumps” switch on the PD-30S control

box to the “Off” position

(d) You will hear the turbo spin down and vent gas will flow into the load

lock. Watch the load lock vacuum gauge to ensure that this process is go-

ing smoothly

(e) When the load lock has vented to atmospheric pressure, vent gas will continue

to flow into the load lock.

• If you are performing an operation that will take a long time with the

load lock vented, please shut off the vent gas (N)

(f) Open the load lock as shown below:

i. Lift the lid by pulling up on the handle such that the part of the lid

furthest from you lifts up first.
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Figure A.2: Load Lock Opening Procedure

ii. Remove the lid as shown

iii. Place the lid on the 3 rubber nubs under the loading arm to prevent

scratching

Note: During normal operation, instead of shutting off the vent gas, you can pump

the load lock down after removing the substrate holder to mount your samples and

vent again to load the substrate holder.

8. Mounting substrates:

There are two methods of mounting substrates in this system – (1) there is a

mounting plate for 4” wafers, and (2) there are clips for securing the substrate.

Both systems mechanically secure the substrate to the substrate holder using screws

nuts. See illustrations below for details about use each configuration

(a) 4” Wafer plate

(b) Mounting clips

9. Pumping load lock (with substrate holder):

WEAR GLOVES

(a) Ensure that the load lock is at atmosphere and the load lock lid is removed
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Figure A.3: 4 in diameter wafer substrate holder

(b) Load the substrate holder onto the loading arm as shown below:

i. Ensure that the substrate is facing down

ii. Line up one of the protruding screw heads with the slot on the loading

arm. If using clips to secure the substrate, ensure that the screws fixing

the clips are not the ones touching the loading arm.

iii. You will see three large “propeller” openings – ensure one of these is

pointing directly away from the main chamber

iv. Rotate/wiggle the substrate holder to ensure it is seated securely in the
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Figure A.4: Clip substrate holder

loading arm

(c) Place the load lock lid on the load lock in the reverse of what is shown in

Figure A.2

(d) On the PD-30S control panel, flip the “Vacuum Pumps” switch to the “On”

position – you will hear the load lock turbo spin up and see the pressure

decrease on the load lock pressure gauge

10. Loading substrates:

(a) Open the Phase2J software and login
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(b) Home the stage, and put in position 13

(c) Using the joystick beneath the laptop on the front of the instrument, put the

rotation indicator in the “1” position

(d) Open all viewports on the main chamber by rotating out the shutters

(e) Turn on the light to see what you are doing

(f) Ensure that the substrate holder is above the lowest demarcation on the sub-

strate controller/lid

(g) When the load lock reaches pressures in the 10−6 Torr and the main chamber

is under vacuum, manually open the gate valve between the load lock and the

main chamber

• If you experience any resistance, STOP!

• Do not force the gate valve

• Return the valve to the position you found it and seek assistance

(h) While looking through the viewports, SLOWLY extend the loading arm with

the substrate holder. Again, if you experience any resistance, STOP and seek

assistance

(i) Ensure that the rotation indicator is in the “1” position

(j) By moving the joystick up/down, lower the substrate controller/heater until

the propeller mechanism is within the substrate holder – this height is noted

on the ruler

(k) Using the joystick, SLOWLY rotate the substrate controller/heater until the

indicator is in the “2” position

(l) If the substrate holder looks secure, raise the controller/heater up about half

an inch – enough to clear the loading arm
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(m) Rotate the substrate back and forth to ensure that it is in place securely. If

not, return the substrate holder to the loading arm and try again

(n) Raise the substrate controller/heater to the desired height for deposition

(o) SLOWLY remove the loading arm

(p) SLOWLY close the manual gate valve between the main chamber and the

load lock

11. Preparing for deposition:

(a) If using rotation, ensure that the toggle switch near the joystick is flipped up

and the desired rotational speed is set (50% is normal)

(b) Ensure that the combinatorial mask is in place

(c) Ensure that the QCM is out of the way

(d) Ensure that all components (VAT controller, power supplies) are in remote

(analog) control mode

(e) Ensure that the process and vent gas are open

(f) Fire away when ready!

12. Unloading samples:

(a) Ensure that the process has finished

(b) Turn the rotation speed to 0

(c) Put the substrate controller/heater in local mode by flipping the toggle switch

above the joystick down

(d) Manually put the rotation to the “2” position

(e) Ensure that the substrate controller/heater is in position 13

171



Appendix Chapter A

(f) Open viewports and turn on light to see what you are doing

(g) Ensure that the substrate height is high enough to allow the loading arm to

come beneath it

(h) Ensure that the load lock is under vacuum and the pressure differential is

<10−5 Torr

(i) SLOWLY open the manual gate valve between the load lock and the main

chamber

(j) SLOWLY insert the loading arm

(k) SLOWLY lower the substrate controller/heater, bringing it into contact with

the loading arm – you should be able to see one of the protruding screw heads

fit into a slot on the loading arm on the right. Play with the rotation (while

out of contact with the loading arm) until this fits

(l) When the loading arm is mated with the substrate holder, SLOWLY rotate

the substrate controller/heater to position “1”

(m) SLOWLY raise the substrate controller/heater – this should be separate from

the substrate holder, which should be resting on the loading arm. If not, re-

connect the substrate holder and substrate controller/heater, raise them up,

and repeat the previous steps

(n) When the substrate controller/heater is sufficiently above the loading arm+substrate

holder, fully retract the loading arm

(o) Close the manual gate valve between the load lock and main chamber

(p) Vent the load lock

(q) Remove samples – USE GLOVES
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13. Shut down procedure:

This system does not have a “typical” shutdown procedure. The steps below are

for a full shutdown of the system, assuming that the next user will not be operating

the system for some time. Please communicate with the next user about how they

would like the system (i.e. will they need to vent the chamber to change targets?

Is it OK to keep the turbo running?) if they plan to use the system right after you.

(a) Ensure that the vent gas is open

(b) Ensure that the manual gate valve between the load lock and the main chamber

is completely closed

(c) Out of consideration for the next user, move the QCM and combinatorial mask

to the center of the chamber

(d) On the “VAT” controller on the front of the instrument, put the gate valve

controller in “Local” mode

(e) Completely close the gate valve on the main chamber using the “VAT” con-

troller

(f) When the gate valve is completely closed, flip both “Vacuum Pumps” switches

on the EMOC controller and PD-30S controller to the “Off” position – you

will hear both turbos begin to spin down

(g) If you want to vent the main chamber, slowly open the vent valve on the front

of the chamber

(h) When the load lock is at atmosphere and the main chamber turbo has com-

pletely spun down, wait for 5 minutes to ensure that everything is completely

off

(i) Shut off vent gas
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(j) Flip “Power Mains” switch next to the “Vacuum Pumps” switches to the “Off”

position on the PD-30S box.

(k) Turn the “Mains On/Off” to the off position

(l) Unscrew the RF Bias cable from the top of the instrument to prevent the next

user from damaging the cable

(m) Go to the back of the instrument

(n) Turn off the chiller

(o) Flip the switch on the supply box next to the fridge to the “Off” position

14. Clean Up!

(a) When finished using the system, please clean the substrate holder using the

procedure in item 5.

(b) If you have used a material that is particularly flaky or have done a long

deposition run, please clean the gun, shutter, and chimney assembly.

(c) Tidy up the workspace on the top of the instrument and on the counter op-

posite the machine.

A.2 Indentation Modulus

In recent discussions with Johann Kappacher and Verena Maier-Kiener, the modulus

data presented in Figure 4.5 came into question. The issue with this data was the Poisson

ratio used for the indentation modulus calculation (in addition to the depth dependence).

For this reason, these data should be taken an upper bound for the actual modulus of

the Al-Ni-Ce alloy. While this may affect the image force analysis slightly, it does not

greatly affect the interpretation – for instance, if one were to assume a Poisson ratio of
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0.33 for the data, the data would look as presented in Figure A.5, and the image force

analysis better agrees with a cutoff distance of 1.3-1.4 b from the grain boundary, rather

than 1.5 b utilized in Chapter 4.

Figure A.5: Indentation hardness and modulus for the Al-Ni-Ce alloy after 1 hour an-
nealing treatments at the noted temperature recalculated with a Poisson ratio of 0.33.
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