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Abstract
(a)-type Screw Dislocation Core Structure and Solute Interaction in o-Ti
by
Eric Wilson Rothchild
Doctor of Philosophy in Engineering - Materials Science and Engineering
University of California, Berkeley

Professor Daryl C. Chrzan, Chair

a-Ti and o-Ti alloys are of technological interest as high specific strength, corrosion resistant,
nonmagnetic, and bio-compatible materials. However, they are costly to process and require
strict control of the presence of interstitial impurities that cause significant strength gains,
but also loss of ductility. This work uses atomistic simulations to examine the properties
of dislocation cores, i.e. the regions in a material surrounding a dislocation that has been
deformed beyond it’s ideal strength in a-Ti and «-Ti alloys. Particular attention is paid to
the interactions between these dislocations and solute atoms. It is shown that dislocation
core structure affects the interaction with interstitial oxygen, and that solute atoms may be
used to influence the dislocation core structure of screw dislocations through the so-called
Cottrell atmosphere.
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Chapter 1

Introduction

Ti and Ti alloys are an attractive class of structural materials for their high specific strength
across a large temperature range, corrosion resistance, biocompatibility, and nonmagnetic
properties. Because of this, they find many applications ranging from commercial and mil-
itary aerospace, to medical devices and consumer goods. The use of Ti and Ti alloys is
however limited by the high cost, low ductility, and low formability compared to more com-
mon structural metals such as steels and Al alloys. In «-Ti alloys, these limitations are all
related to the interstitial impurity content, particularly of oxygen (Banerjee & Williams,
2013; Hurless & Froes, 2002).

Instead of strictly controlling the oxygen content to increase ductility, which is a large
contributor to the cost of Ti alloys, it may be possible add substitutional solutes that limit
the oxygen sensitivity. In theory, this would result in a reduced-cost, ductile Ti alloy that
can still take advantage of the increased strength from oxygen interstitials.

In order to design alloys for reduced oxygen sensitivity, it is necessary to understand the
mechanisms by which oxygen effects plastic behavior. The work described and proposed here
will primarily focus on simulations and development of theory for the behavior of (a)-type
screw dislocations, their interactions with interstitial oxygen, and how that affects plastic
behavior in Ti and Ti alloys. This work is a mix of atomistic simulations, both classical
force-fields and Density Functional Theory (DFT), and continuum mechanics calculations.

1.1 Titanium Metallurgy

At low temperature, pure Ti takes its a phase, where it is a hexagonal close-packed (HCP)
crystal. At higher temperatures there is a transition from the « to the § phase, which is
body centered cubic (BCC). Certain alloying elements promote the stability of one phase
over another, for example in the ubiquitous Ti-6Al-4V alloy, Al serves as an « stabilizer, and
V as a [ stabilizer, leading to a mixed a-f microstructure (Litjering & Williams, 2007). T
will focus on Ti in the HCP phase, and whenever Ti is written here it should be assumed to
mean «-Ti unless otherwise specified. The « alloys include commercially pure (CP) Ti, as
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well as Ti-3A1-2.5V, and Ti-5A1-2.5Sn alloys (Al, V, and Sn are all substitutional alloying
elements).

Like many other HCP metals, Ti’s primary mechanism of plastic deformation is the mo-
tion of (a)-type (5(1120) in four index notation) dislocations, with (¢ + a)-type dislocations
generally inactive except at high temperatures and strains. The (a)-type edge dislocations
are highly mobile (Naka et al., 1988), and often progress quickly to the grain boundary, leav-
ing long straight segments of screw dislocations in their wake. These are then the primary
carriers of plastic deformation, and so the focus of our studies.

As mentioned above, a-Ti alloys often include substitutional elements at several Wt.
%. Interstitial solutes on the other hand are often seen as impurities, and have profound
effects on the mechanical properties even with concentrations on the order of 0.1 Wt. %.
(Conrad, 1981; R. Jaffee, 1950; R. I. Jaffee et al., 1950; Vaughan et al., 1980). Oxygen in
a-Ti is expected to sit in one of the octahedral (Oct) or hexahedral (Hex) interstitial sites,
however density functional theory (DFT) calculations have also shown the oxygen stable in
the crowdion site (Wu & Trinkle, 2011). In those calculations the Oct site had the lowest
energy, followed by the Hex site (1.2 eV higher), and then the crowdion site (an additional
0.7 eV higher).

1.2 (a)-type Screw Dislocations

The (a)-type screw dislocations in pure Ti primarily move on the (1100) (prism) plane, and
cross-slip on the (1011) (pyramidal) plane (Clouet et al., 2015). In general, the directional
mobility of dislocations is controlled by the core structure of said dislocation. In the case
of titanium, the high mobility of the (a)-type edge dislocations may be attributed to their
spreading of several A in their slip plane (Crecy et al., 1983). The relatively low mobility
of the screw dislocations is a more complicated matter, and related to polymorphism of
structures of the dislocation core.

The (a)-type screw dislocations in Titanium undergo irregular, or "jerky', motion due
to what is called the locking-unlocking mechanism (Clouet et al., 2015). According to DFT
simulations, the lowest energy configuration of the core of the (a)-type dislocation is spread
along the pyramidal plane, but the resistance to slip or Peierls barrier is much higher for
pyramidal slip than for prismatic slip (Clouet et al., 2015; Poschmann et al., 2017, 2019).
The dislocation must transform to a prismatic configuration before it can glide easily.

The behavior of the screw dislocations is even more complicated when there are interstitial
impurities present. Of the two common interstitial sites for oxygen in Ti, the Oct sites are
the lower energy site of the two in DFT and MD simulations (Poschmann, 2018; Wu &
Trinkle, 2011). According to classical molecular dynamics (MD) simulations they are also a
stronger obstacle, causing more dislocation bow-out (i.e. raising the flow stress) more than
the Hex sites (Poschmann, 2018).

The profound strengthening effect of oxygen has been explained as a result of a contact
interaction between the Oct oxygen and the dislocation core (Yu et al., 2015). Slip in the
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prism plane destroys the octahedral interstitial site, and so oxygen has to move into the Hex
site within the dislocation core.

The theoretically predicted shuffling of oxygen from the Oct to Hex interstitial site has
been claimed to cause slip plane softening (Poschmann, 2018). This prediction has been
corroborated by the wavy-to-planar slip transition experimentally observed with increased
oxygen content, decreased temperature, or increased strain rate in close-to-pure Ti with oxy-
gen impurities (Chong et al., 2020). Wavy-to-planar slip transitions are generally associated
with slip-plane softening effects and are often a precursor to fracture because they result in a
large strain localization (Koss & Chan, 1980). This is both an example of how the nano-scale
structure of a material can affect macroscopic properties, and an example of how insights
from theory and simulation can become an avenue for alloy design.

Through this dissertation I will discuss the various interactions between a dislocation
and an interstitial atom. Suzuki segregation changes the energy of splitting into partial
dislocations (Suzuki, 1962). The interaction between the screw dislocation core field an an
oxygen interstitial is shown to correlate with shuffling behavior in atomistic simulations. A
Cottrell atmosphere effect (Cottrell & Bilby, 1949) may change the dislocation energy based
on the core spreading, stemming from an interaction with the long-ranged elastic field of
partial dislocations. A diagram of these effects based on position of the solute with respect
to a pair of partial dislocations is given in Fig. 1.1.

Before diving into the various phenomena that alter dislocation core energy, there is
some necessary background on elasticity theory, atomistic simulations, and the visualization
of dislocation core structures, which will be given in chapters 2 and 3. In the 4" chap-
ter, a relationship between dislocation core structure and dislocation-interstitial interaction
is shown, and related to the elastic interaction between the dislocation core fields and the
hexahedral oxygen interstitial. The interaction energy between the interstitial and the dis-
location is well predicted by a simple micromechanical model, i.e. the effect is elastic in
nature, at least in the empirical potential considered. In the 5" chapter, a traditionally
unexpected Cottrell atmosphere effect is shown around screw dislocations surrounded by
octahedral oxygen, again using a simple linear elastic model.
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1: Core field interaction
2: Change of SFE
3: Long-ranged elastic interaction

Figure 1.1: Two partial dislocations in yellow separated by a stacking fault. In blue are
potential positions for interstitial atoms that would have an effect on core energy through
a core field elastic interaction, a change in stacking fault energy, or a long-ranged elastic
interaction.
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Methods

2.1 Continuum Mechanics

In contrast to the plastic deformation of materials, dominated by the motion of dislocations
in the case of most metals, a materials scientist might define an elastic deformation in
a material as one that is fully recoverable, without dissipation, when the applied load is
removed. (Pinned dislocations could bow and unbow enabling anelastic behavior, but this
would still dissipate energy). At small strains, a linear constitutive equation, Hooke’s law, is
used to describe the relationship between stress and strain. Using the Einstein summation
convention,

0ij = Cijri€rl (2.1)

where o is the stress, € is the strain, and C are the elastic constants. In a later section
describing the Wallace tensor, a nonlinear relationship between stress and strain will be used
instead.

Around a defect such as a dislocation, Hooke’s law will lead to stress diverging, unless
a certain region around the dislocation is ignored. The strain field in the zy plane, of a
screw dislocation in an isotropic homogeneous medium, with its Burger’s vector (b) and line
direction along the z direction, can be written as:

_ —bsin(0)
Ay
b cos(0) (22)
VT Ar
where 6 and r are standard directions in a cylindrical coordinate system. All other strains
are zero. It is easy to see by comparing 2.1 and 2.2 that the strain (and therefore through
Hooke’s law both stress and energy) diverge as r approaches 0. For this reason it is common

to avoid a region around the dislocation, commonly referred to as the dislocation core, when
using elasticity theory in the context of dislocations or other defects.
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Other times it may make sense to think of said defects as inelastic objects, separate from
and imposing an inhomogeneous elastic field on an elastic body. As an easy-to-visualize
example, an interstitial atom acts as a point source of dilation. This inhomogeneous field
would interact with any elastic field applied homogeneously to the bulk of the medium. The
study of those interactions is in the realm of micromechanics, and is important for, among
other things, understanding the elastic contribution to energy in atomistic simulations (Daw,
2006). Later on, we will use some results from micromechanics to understand the interaction
between interstitial atoms and dislocation cores.

2.2 Atomistic Simulations

As elasticity theory fails in the region of the dislocation core, and since the core structure
has a strong impact on the mobility and dynamics of a dislocation, different methods are
needed to study the core regions. The following is a brief overview of the methods used
throughout this work, and the justification for their use.

Density Functional Theory

Density functional theory (DFT) is an electronic structure method that began with the works
of Hohenburg and Kohn (Hohenberg & Kohn, 1964), who showed that:

1. For a of a system of interacting particles (here electrons) in an external potential, the
external potential is a unique functional of the particle density.

2. By minimizing the energy with respect to variation in the particle density, one finds
the electron density corresponding to the solutions of the Schrédinger equation

There has been much work in the field since then to get towards the correct, or exact,
density functional. The DFT simulations performed here use the Perdew-Burke-Ernzerhof
(PBE) functional form which is within the generalized gradient approximation (GGA) (i.e.
uses density, and density gradient as terms) (Perdew et al., 1996). Details of calculations
will be supplied as relevant.

In the field of materials science, DFT simulations have become a standard tool, as they
make accurately predicting the energy of an arrangement of atoms a tractable. For under-
standing mechanical properties DF'T is used for the calculation of elastic constants, stacking
fault energies (SFE) and dislocation core structures, and a number of other properties. That
said, DFT calculations scale on O(n?*) or O(n*logn), where n is the number of electrons in
the system, so calculations are limited to at most several hundred or thousand atoms. This
is insufficient for the study of long dislocations, and important events in plastic behavior
such as formation of kink pairs.



CHAPTER 2. METHODS 7

Empirical Potentials

Empirical potentials offer a less computationally expensive alternative to electronic structure
methods, allowing for simulations of hundreds of thousands of atoms or more. Thus, they
are an important tool in the study of defects in metals, an inherently mesoscale problem.
This increase in speed comes at a cost of accuracy, and potentials may only be suitable to
study a material in a certain phase or composition.

Embedded atom method (EAM) potentials are very commonly used for the study of
metals and alloys. The EAM formulation assumes the energy of a system may be written as
(Daw & Baskes, 1984; Daw et al., 1993):

B =Y (Fip)+ 5 5 05(ry) (2.3

i i#]

Here F' is an embedding function of the atomic electron density p, and ¢;; is the pair
interaction between two atoms ¢ and j at a distance r;;. While classical potentials are less
accurate than DF'T, the computation of the energy scales linearly with the number of atoms,
allowing very large systems, here tens to hundreds of thousands of atoms, to be studied.

For many of the simulations performed in this thesis, a modified embedded atom method
(MEAM) type empirical potential was used (Baskes, 1992). This extends the earlier EAM
formalism to include terms involving angles formed by bonds between three atoms. The
MEAM simulations here were performed with the LAMMPS simulations software package
(Thompson et al., 2022) and an MEAM potential specifically developed for simulating dilute
oxygen interstitials in Ti (Zhang & Trinkle, 2016).

Nudged Elastic Band

The nudged elastic band method (NEB), used later in studies of the interstitial shuffling
mechanism (ISM), is a method used for finding transition states that can be used with DFT
or classical force fields. It works by relaxing several images of a system simultaneously, with
the first and last image being local energy minimums and the images in-between being an
initial guess at the minimum energy pathway between them. For example, the middle images
may be linear interpolations of the positions of each atom before and after slip occurs. To
find the saddle point and prevent images from all moving to the two local minimums, an
extra spring force is applied to the images as they relax, so that the total force on image ¢
is

Fr =4 gt (2.4)

(2

Where FZ-SH is the spring force parallel to the local tangent between neighboring configura-
tions, the line in configurational space connecting neighboring images, and F- is the compo-
nent of the true force on the system of atoms perpendicular to the local tangent (Henkelman
& Jénsson, 2000). In climbing image nudged elastic band (CI-NEB), after the original NEB
calculation has converged, the force on the highest energy image is changed to instead drive
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it up the potential energy surface which theoretically increases the accuracy of a predicted
energy barrier (Henkelman et al., 2000).

2.3 Visualization of Dislocation Cores

Typical methods of describing dislocation cores are the differential displacement maps (Vitek
et al., 1970) and the Nye Tensor distribution (Hartley & Mishin, 2005). The differential
displacement map shows the relative displacement of columns of atoms, the magnitude of
displacement proportional to the size of the arrow between the two columns. The Nye tensor
comes from the negative curl of the deformation gradient (the Jacobian of motion from the
undislocated to the dislocated state). The on-diagonal terms of the Nye tensor are the screw
dislocation density, and the off diagonal terms are the edge dislocation density.

Other descriptors may also be used, such as the contour plot of local strain invariants
or the centro-symmetry parameter (Kelchner et al., 1998). Some of these approaches have
clear benefits. For example, when calculating the Nye tensor, no a-priori dislocation vector
needs to be known (Hartley & Mishin, 2005) and the edge and screw components of the
dislocation are easily separated. The Nye tensor has a few drawbacks as well. It relies
on calculating second derivative of displacements and is very sensitive to the choice of the
neighborhood used to describe the deformation around each atom, as well as an arbitrary
angle fitting parameter. The differential displacement map does not suffer from this issue, but
it becomes difficult and somewhat ambiguous to use when observing an extended dislocation
with possible thermal noise.

Additionally, one may define the dislocation core as the heavily deformed region near the
center of a dislocation, where the stress has exceeded the material’s ideal strength (Chrzan
et al., 2010; Sawyer et al., 2013; Winter et al., 2017). From this definition Poschmann et. al.
studied core structure polymorphism in Ti using an elastic stability parameter (Poschmann
et al., 2022). This parameter will be described in detail in the next chapter.
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Elastic Stability Parameter

The shape and size of the dislocation core in a material, sometimes defined as the heavily
deformed region near the center of a dislocation, where the stress has exceeded the material’s
ideal strength (Chrzan et al., 2010; Sawyer et al., 2013; Winter et al., 2017), has significant
implications for the plastic properties of said material (Takeuchi, 1999). Especially in ma-
terials where partial dislocations are not readily formed, the spread of a dislocation along
a certain plane will effect how easily it slips. For example, in Ti and Zr metals, the lowest
energy state of the (a)-type screw dislocation cores, are extended on the pyramidal and
prismatic planes respectively. This difference is thought to cause the relatively difficult and
jerky glide in Ti compared to in Zr (Clouet et al., 2015).

The elastic stability parameter (Poschmann et al., 2022) describes the stability of a
deformed state to further deformation relative to a reference state, as approximated using
elasticity theory. Formally it is given as:

Min(Eig{Crn)) (3-1)

where Cj;p; are the second order elastic constants and B is the symmetric Wallace tensor.
The symmetric Wallace tensor is the tensor that governs elastic stability from an already-
stressed state (Morris Jr & Krenn, 2000; Wallace, 1998). Hence, if v > 1 there is a negative
eigenvalue of the symmetric Wallace tensor, and linear elasticity theory would predict such
a region to be unstable.

If the dislocation core is defined as the region where stress predicted by linear elasticity
is greater than the ideal strength of the material, it can be described as the region where v
is greater than one.

Calculating v only requires knowing the deformation gradient in the state of interest, as
well as the second and third order elastic constants in the bulk. The details below describe
the implementation of the parameter as a modifier in OVITO (Stukowski, 2009), a piece of
software for visualization and analysis of atomistic simulations.
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3.1 Detailed Equations

Elastic Equations

To derive the elastic stability parameter we begin by expressing the elastic energy change by
approximation of a third order Taylor series in the Lagrangian strain (Winter et al., 2019).
Terms with subscripts are to be assumed to be using summation notation.

1 1
AE ~ gckzlmnnklnmn + gcklmnpanlnmnnpq + .. (32)

The second order elastic constants Cjji;, and the third order elastic constants Cjjrmy, are
the second and third derivative of elastic energy per unit reference volume evaluated at zero
Lagrangian strain 7.

1 O’FE
Crimn = —(=——=— )= 3.3
& % anklanmn =0 ( )
1 PE
Crimnpg = —(m——=——),= 3.4
klmnpq VE) (anklanmnanpq )77 0 ( )
Symmetric Wallace Tensor
The symmetric Wallace tensor is given by (Morris Jr & Krenn, 2000; Wallace, 1998)
1
Biji = Ciji + 5(7}'1@5]'1 + Tl + Tjr0i + Tj10ik — T30k — Thidsj) (3.5)

Where 9;; is the Kronecker-delta function and 7, is the Second Piola-Kirchoff stress tensor.
If starting from an initially unstressed state it is easy to write 7 in terms of strain.

1
Tij = CijriMi + §C¢jk1mn77kmmn (3.6)

When at finite strain, Cjjp; is replaced by the elastic constants at finite deformation
(ECFD).
, 1 )
ijkl — ( )
V(n) 01308k

V(n) is the volume at a strain equal to 7.  is an infinitesimal strain.

(3.7)

Definition of Deformation Terms

To clarify the above equations, and to be able to make the elastic stability parameter a
function of deformation gradient only, we need to define three states. The first state corre-
sponds to non-deformed bulk material, with positions given as X. The second state is finitely
deformed and has positions given by x. The third state is the result of some infinitesimal



CHAPTER 3. ELASTIC STABILITY PARAMETER 11

deformation of the second and has positions given by X. The deformation from the first state
to the second is given by:

Gsck
Fy, = 3.8
bm = Ay (3.8)
F is a deformation gradient. The Lagrangian strain is then n = 3(F'F —1I).
The deformation gradient from the second to the third state is:
0Ty,
"= 3.9
i ar. (3.9)
And in the limit of infinitesimal strain and infinitesimal rotation:
Jiw = 0w + B (3.10)
Where fj; is an infinitesimal strain as previously mentioned.
Similarly, from the first to the third state, the deformation gradient is written:
- 0Ty,
Fim = = = fuFim 3.11
k oX., Ju ki (3.11)
Combining equations (3.2) and (3.7), we can express the ECFD as:
1 OMn O1 1 0%
Ol = 7~ Cmn Cmn rs!lrs e 2 <Cmn *Cmn TS rs) —
ijkl T(n) ( pq T pqrs’] )<aﬂkl 0B, ﬁ:n+ pq T 5 pqrs’] 95:;08x - Mpq | »
(3.12)

Here J(n) = Det(F) is the Jacobian of motion. Through some manipulation we can express
the two derivative terms as functions of the deformation gradient.

o,
( "J> = FiFmj lompa- (3.13)
35pq n=n
0*1ij 1
= = I iFm‘ I nrs]nm Inm’rsI 0 ; 3.14
35pqaﬂ7~s 9 k ]( k pg T k pq) ( )

Now the ECFD, and therefore the symmetric Wallace tensor at finite strain, can be calculated
with only the deformation gradient and the second and third order elastic constants.

Definition of Deformation gradient on a Small Scale

From the above section it can be seen that only calculation of the deformation gradient, and
use of previously known constants, is necessary to calculate v. At the atomic scale, it is hard
to define a single correct way to calculate this deformation gradient. In the implementation of
the elastic stability calculation in OVITO, we use the least-squared method as in the “Atomic
Strain" modifier (Falk & Langer, 1998a; Shimizu et al., 2007), but with some alterations.
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In a least-squares approach the deformation gradient is given below. The equation here
is not using summation notation, rather the subscript ¢ refers to the i’th atom, and j to the
j’th atom within some cutoff distance from the i’th atom.

Fi = (Y_dYd)) (> dY(d; — my)) (3.15)

J J

Ignoring the terms my;;, which do not normally appear in the least-squares equation for

atomic strain, the above equation gives a best fit mapping of directed distances d?j between

atom i and its j neighbors in a reference frame, to the directed distances d;;. With burgers

vector b:

d;; — d?j
|b]

Including the m;; terms acts to remove shifts of a full lattice vector from the calculation of
the deformation gradient.

)b. (3.16)

m;; = round(

3.2 Implementation in OVITO

General Information

The above method to calculate ¥ was implemented as a modifier in OVITO. This edited
version of OVITO makes use of an additional dependency: the Eigen Tensor Libraries.
Python bindings were created with PyBind11 for use with the OVITO Python interpreter
OVITOS.

The modifier requires two supercells as inputs. The first is the strained state of interest,
the second is a reference state which should match the active frame before before plastic or
elastic deformation has occured.

Usage in Graphical Mode

To use the elastic stability modifier in graphical mode, first select “Atomic Strain Mod
Burgers" from the “Add Modification" menu. In the panel for this modification, select an
appropriate reference file, select the option to output deformation gradients, set a cutoff
radius, and input the burgers vector in Cartesian coordinates. Then from the “Add Modifi-
cation" menu, select the “Elastic Stability" modifier. Select the symmetry of the cell from the
drop-down menu, currently only HCP and cubic crystals are supported. Once the symmetry
is selected there should be input boxes for various elastic constants.

The code assumes the elastic constants are from a “typical" symmetrized reference frame.
See, for example, Appendix A in Clayton’s Nonlinear Mechanics of Crystals (Clayton, 2011)
for the detailed description of the “typical" form of these tensors.

Lastly, in the box that says “Enter transformation from typical to current directions" the
user must input the transformation matrix that goes from the “typical" frame to the current
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Figure 3.1: Various screenshots from the OVITO program using the “Elastic Stability"
modifier. a) Atoms color coded by elastic stability to show a screw dislocation dipole in
Niobium. b) Menu details of the “Atomic Strain Mod Burgers" modifier. ¢) Menu details of
the “Elastic Stability" modifier.

coordinates. After all this is entered, pressing the “run calculation" button on the modifier
panel will calculate the Elastic Stability modifier on a per-atom basis.

Python Interface

This modifier can be accessed with the OVITOS Python interpreter in the same fashion as
other modifiers.

The class for the “Atomic Strain Mod Burgers" modifier is ovito.modifiers. AtomicStrainModBurgers.
The properties for this modifier are burgersContent, output__deformation__gradients, and out-
put__strain__tensors. burgersContent should be set to a length 3 list with floats matching the
Burgers vector in Cartesian coordinates. The other properties should be set to True.

The class for the Elastic Stability Modifier is ovito.modifiers. CalculateElasticStability. Its
property set_structure should be set to CalculateElasticStabilityModifier. Lattice. Hexagonal High
for HCP crystals, or CalculateFElasticStabilityModifier. Lattice. Cubic__ High for FCC or BCC
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crystals. The properties setsoec and set_toec should be set as lists of the second and third
order elastic constants repspectively. The input order for elastic constants matches that in
the graphical interface. The final property set_transformation_matriz should be set to the
3x4 transformation matrix (3x3 rotation, with a translation that is ignored) that transforms
from the coordinates of the “typical" frame to the current coordinates.

3.3 Discussion

The elastic stability parameter and the code implemented here are another tool for the
classification of dislocation cores. This has planned uses in further analysis of the Cottrell
atmospheres in Chapter 5. Equations 3.15 and 3.16 will be used in Ch. 4 to calculate strain
fields around dislocation cores to understand interstitial attraction to core fields.
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Chapter 4

Core Structure and Interstitial
Shuflling

Planar slip is generally caused by a slip-plane softening effect in an alloy, often from short-
ranged ordering (Gerold & Karnthaler, 1989; Wolf et al., 1994). Planar slip bands are
considered to be a cause or precursor of fracture (Koss & Chan, 1980). This effect has
been observed in experiments of Ti-alloys (Williams & Luetjering, 1980). The work in this
section examines the claim that oxygen causes slip plane softening, embrittling Ti, through
an interstitial shuffling mechanism (Chong et al., 2020). This section is an adaptation of
previously published work (Rothchild et al., 2022).

4.1 Background

The bypassing of an oxygen-interstitial by (a)-type screw dislocations in Ti is studied as
a function of the dislocation core structure using an empirical potential and the nudged
elastic band method (NEB). Dislocation core structure in the MEAM potential used (Zhang
& Trinkle, 2016) may be controlled by the applied non-Schmid stress. It is shown that an
interstitial oxygen will be pushed from the octahedral site into a new interstitial site in the
dislocation core. From there, the barrier to return the interstitial oxygen to the octahedral
site is of interest. If there is a high barrier to return, then interstitial shuffling is likely.
Where there is little to no barrier for return, the shuffling is less likely.

To study these shuffling events, NEB simulations are performed for the case of no non-
Schmid stress, i.e. with a prism-dissociated core, and under 3 GPa of non-Schmid stress,
where the pyramidal core is most stable (at zero temperature). The simulations suggest
that interstitial shuffling is likely when the prismatic core is favored, and unlikely when the
pyramidal core is favored. For the purposes of this study, NEB calculations are preferable
to molecular dynamics (MD) simulations as the high strain rates necessarily used in MD
can lead to behaviors that are not relevant at lower strain rates. However, the results
of MD simulations presented in the appendix are consistent with the predictions of NEB
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calculations.

Additionally, the interaction energy between the interstitial sites and strain fields around
the dislocation core are calculated with a micromechanical model. This model shows an at-
tractive elastic interaction between the dislocation and interstitial oxygen along the prismatic
direction. The attractive interaction between the hexahedral oxygen and the dislocation core
is stronger for the prismatically spread core than the pyramidally spread one, which is an
explanation of the increased propensity for shuffling in the prismatic case.

4.2 Methods

NEB Simulations

Dislocation dipoles were placed into supercells using Daw’s solution for a periodic array of
dislocations (Daw, 2006), with a deformation applied to the whole supercell to account for
the distortion of the dislocations as prescribed by Lehto and Oberg (Lehto & Oberg, 1998).
With one dislocation in a constant position, the other was placed at sites ranging from two ¢
to the left to two ¢ to the right of the interstitial atom, where c is the height of the unit cell.
(There is a local minimum in the energy for motion by ¢/2 stemming from the symmetry
of the hexagonal-close-packed structure.) These cells were dislocation quadrupoles with two
dislocations per cell, described as an O arrangement (Clouet, 2012). Each cell was 32 [0001]
by 16 {1101}, and either 3b, 15b, 30b, or 60b deep, the Burger’s vector b being £(1120).
For simulations including oxygen atoms, there was an octahedral or hexahedral interstitial
oxygen placed in the prismatic glide plane adjacent to one of the two dislocations in the cell
(as shown in Fig. 4.1).

@®o ® @0

[1700]

&k 201&[)—[0001]

Figure 4.1: A diagram of quadrupole arranged dislocations used for the NEB simulations.
Red and blue diamonds mark dislocations of opposite sign before prismatic displacement. A
yellow marks the position of the oxygen. When the left dislocation has slipped on top of the
oxygen, by moving 2 ¢, the arrangement is perfectly quadrupolar.

®o ® &0 ®
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All energy calculations and NEB simulations were performed using LAMMPS (Henkel-
man & Jonsson, 2000; Henkelman et al., 2000; Maras et al., 2016; Nakano, 2008; Thompson
et al., 2022). First, the cells were relaxed using conjugate gradient minimization. Due to
the variety of possible core structures, exact placement of the dislocation core affected the
energy of the initial relaxation, so many trials with slightly varied initial positions were con-
sidered. Linear interpolations of the lowest energy results of the above relaxation were used
as starting points for the NEB calculations.

NEB simulations were performed in two stages. The first stage included nine images,
starting from the linear interpolation of the initial relaxations. Several cases were considered:
no oxygen, oxygen in the Hex site throughout, oxygen starting in the Oct site and ending
in the Hex site, and oxygen starting and ending in the Oct site. In the simulations for cells
3b deep with the oxygen atom starting and ending in the Oct site, it was found that the
oxygen slipped into the Hex site halfway through the 8 slip events, before returning to the
original site. In order to get calculations to converge for Oct—Oct case in cells deeper than
3b, it was necessary to have an initial pathway with the oxygen atom in the Hex site halfway
through the path.

The second stage used, as a starting configuration for the NEB calculation, 41 images
linearly interpolated between the nine image pathway determined in the first stage. All
NEB calculations were converged to a minimum force of 1.6 x 1076 ¢V/ A per atom using
fire minimization. For this process the NEB force with a spring constant of 1 eV/A was
only applied to atoms within a 15 A circular region around the dislocation at the midpoint
of the slip events. It has been suggested that limiting the number of atoms the NEB force
is applied to may lead to more accurate results for Peierls barriers and stresses (Groger &
Vitek, 2012).

As will be shown later, the results of the calculation above have a sharp or discontinuous
energy pathway when the octahedral atom moves to or from the core interstitial site. In
order to more clearly examine the behavior during the transition back to the octahedral site,
a set of calculations using climbing image NEB (CI-NEB) were performed. These used final
images from the original 41 image NEB simulation, starting from the Oct—Hex path (i.e.
where interstitial shuffling has occured) and ending on the Oct—Oct path (where interstitial
shuffling has not occured). These are calculated to be compared with the Oct— Hex path
described before. If there is a high barrier to return to the octahedral site a dislocation would
be expected to leave hexahedral interstitials in it’s wake. For most of these calculations, 8
images from a linear interpolation of the start and end structures were used. The NEB
force was applied to the same atoms as in the first set of NEB calculations, however the
spring constant was increased to 5 eV/ A, and a parallel spring constant of 1 eV / A was also
applied. For the second return paths under no non-Schmid stress 41 images were used, the
first and last of which had a spring constant of 100 eV/A applied as the first image was
not a metastable position and more images were required for convergance of the simulation.
Additionally the spring constant on the middle images was reduced to 1 eV/ A.

The position of the dislocation at each point in the NEB was calculated, first by evaluating
the Nye tensor (Hartley & Mishin, 2005) at each atom using the Babel software package
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(Clouet et al., 2009). Then, the values of the screw component were averaged along the
dislocation line direction, and the center of Burgers vector density was computed (accounting
for the periodic boundary conditions (Bai & Breen, 2008)). This center was what is referred
to as the dislocation position for each of the NEB-determined minimum energy paths.

For comparison of energies between the far field and near-dislocation interstitial atoms,
calculations were performed using similar cells to the 15b case, but with no dislocation
present. The cases considered were, once again, the presence of an octahedral insterstitial,
a hexahedral interstitial, or no oxygen atom.

Micromechanics

A micromechanical approach can be used to better understand the origin of the interaction
between the interstitial atoms and the dislocations. Within this approach, the elastic inter-
action energy between an interstitial atom and a strain field may be computed according to
(Siems, 1968):

Eint = —B]fij(l') (4].)

Where P is the elastic dipole tensor of the interstitial atom at position z, and €(x) is the
strain at position x produced by the dislocation.

The elastic dipole tensors for hexahedral and octahedral oxygen in the MEAM potential
were calculated using the Kanzaki method by Poschmann (Hayward et al., 2012; Poschmann,
2018). The resulting elastic dipole tensors are (in eV):

271 0 0
P.=|0 27 0 (4.2)

0 0 572

1248 0 0
Pue=1| 0 1248 0 |. (4.3)

0 0 4.19

As there is no off-diagonal component for either the octahedral or hexahedral oxygen,
there is no elastic interaction between these defects and an ideal Volterra screw dislocation.
However, as shown in Fig. 4.2, there is significant spreading of these dislocation cores, and
thus there may be tensile components of the core fields that would interact with the inter-
stitial atoms. To account for these core fields, the strain fields used in the micromechanics
calculation is taken from the atomic positions of dislocated cells after their potential energy
is minimized.

For the calculation of the strain field around the dislocation, dislocated cells with the same
arrangement as those for the NEB calculations were used were used. For these calculations
there was no oxygen present and the length and height of the cell were doubled. The extra
width and height was used so that the long range nature of the interaction between the
dislocations and the interstitial atoms could be visualized without significant overlap of the
dislocation strain fields. The cells used were 1 b deep. The strain in the dislocated cells after
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relaxation was calculated a version of the atomic strain modifier in OVITO (Falk & Langer,
1998b; J. Li & Shimizu, 2005; Stukowski, 2010), edited as in Eqns. 3.15 and 3.16. Because
the strain calculated this way is based on atomic positions from simulation, it contains
non-shear terms that may interact elastically with a point-source of dilation.

4.3 Results

NEB of eight slip events

The NEB simulations of eight slip events of distance ¢/2 along the prism plane, which begin
two ¢ from the interstitial site and end two ¢ away on the other side, show several interesting
features. As seen in Fig. 4.3, the hexahedral oxygen has an attractive interaction with the
dislocation that extends over a medium-long range - at least 10 A. This attraction is stronger
for the prismatic core than for the pyramidal core.

The octahedral oxygen primarily has a repulsive interaction with the dislocation for both
the prismatic and the pyramidal spread dislocation, qualitatively matching DFT predictions
(Chaari et al., 2019). However, there is a site adjacent to the dislocation core where there is
an attraction between the interstitial and the dislocation which is shown in Fig. 4.4. This
attractive site exists for both core structures and comes with significant rearrangement of
the core structure at high oxygen density along the line. Where the interaction is stronger,
under non-Schmid stress, there is basal spreading of the dislocation in the 3b deep case,
and pyramidal in the longer cells. In the unstressed case a more complicated core structure
is seen instead (see Fig. 4.4A). However, further studies are necessary to understand the
origin of this interaction. One should note that there is a severe underestimate of the basal
stacking fault energy in this MEAM potential (170 mJ/m? compared to 300 mJ/m? in DFT)
(Hennig et al., 2008), and it is unclear from these results whether this effect is likely outside
of MEAM simulations.

These attractions change the relative energies of the hexahedral and octahedral interstitial
atoms as the dislocation approaches. This is shown in Table 4.1, where the far field values
refer to the energy of the interstitial in a non-dislocated cell, the adjacent Oct site is the
octahedral site directly adjacent to the dislocation core in the slip plane and the core site is
when the oxygen sits in the site within the dislocation core (the adjacent Oct site is shown in
4.4, and the Hex core site in 4.6). Note that the values in the table are measured relative to
the energy of an oxygen atom at the Oct site in a dislocation-free crystal. In the case of the
prismatic core, the chosen cell is stress-free. In the case of the pyramidal dislocation core,
the reference cell has the 3 GPa non-Schmid stress applied. From the far field calculation,
the application of the non-Schmid stress increases the relative energy of the oxygen at the
Hex site by 60 meV. In comparison, the energy of an oxygen atom at the core site increases
by 380 meV in the pyramidal core vs the prism.

In both cases, when the dislocation pushes the oxygen into the core interstitial site, it be-
comes prismatically spread, as shown in Fig. 4.6A. The prismatic spread is more pronounced
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Core | Far Field Oct | Far Field Hex | Adjacent Oct | Core Site

Prism 0 1.20 -0.2 0.16
Pyr 0 1.26 -0.15 0.54

Table 4.1: Relative energies in eV of the various interstitial sites for conditions under which
differing cores are stable. The calculations in the prismatic core have no stress applied to
the cell. For the pyramidal core, a compressive stress of 3 GPa is applied along the {1100}
direction. Values in each row are measured relative to the energy of the far field octahedral
interstitial site.

in the absence of non-Schmid stress shown in Fig. 4.6D.
Examination of the the prismatic core shows that the dislocation remains unkinked, even
in the 600 deep cells, the largest considered here. In contrast, the pyramidal cores only

remained straight in the 3b and 15b cases, whereas the deeper cells displayed the formation
of kinks.

NEB of return paths

The NEB paths identified above for the case of shuffling from the octahedral to hexahedral
site necessarily show a net increase in energy because the energy of the interstitial atom itself
is increased. Although the hexahedral autocite is higher energy, the barrier to return to the
octahedral autocite away from the dislocation is non-negligible (0.85 eV according to DFT
calculations (Wu & Trinkle, 2011)), and so at an appropriate strain rate, if oxygen is shuffled
by the dislocation it may remain in that autocite long enough for the next dislocation to
encounter it.

However, the barrier to return to the lower energy octahedral site within the dislocation
core may be lower depending on dislocation core structure. To assess this barrier, CI-
NEB simulations were performed starting from positions along the NEB pathway where the
oxygen atoms starts in the octahedral site and ends in the hexahedral site, and ending at two
positions along the NEB pathway where the oxygen starts and ends in the octahedral site.
These simulations were performed using cells 15b deep, as that was the deepest simulation
cell without significant bowing or kink formation in the pyramidal dislocations in the absence
of oxygen and therefore represents how a straight segment of a dislocation would interact
with the interstitial obstacle.

In addition, these calculations were repeated with cells under shear (Schmid) stress.
Peierls stresses (7,) were roughly estimated from the original NEB calculations without
oxygen by using the greatest increase in in energy during the slip event when the dislocations
were closest to a perfect quadrupolar arrangement and the formula:

_AE
T Aub?

(4.4)

Tp
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Figure 4.2: The screw component of the Nye tensor, as well as the differential displacement
map are displayed to show the dislocation spreading in the absence of oxygen. A-C show the
non-stressed prismatic core as it goes from the low energy state (A) to the high energy state
(B) to the low energy state on the other side. D-F show the Schmid-stressed pyramidal core
as it goes from low energy state (E) to high energy contracted state (E) to the low energy
state (F'). Note that the slip distance in going from A-C and D-F is ¢/2.

where AF, Au, and b are the change in energy, change in position, and magnitude of Burger’s
vector respectively. The Peierls barrier for the prismatic core was estimated as 40 MPa, and
for the pyramidal core as around 200 MPa. NEB simulations for the return paths were
performed repeated at half of the estimated Peierls barrier, 20 and 100 MPa respectively for
the prismatic and pyramidal cores.
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Figure 4.3: Relative energy along NEB pathway for 4 slip events with and without present
interstitial atoms. A, B, C, and D are under no non-Schmid stress with simulation cells 3b,
15b, 306, and 60b deep respectively. E, F, G, and H are under 3 GPa non-Schmid stress with
simulation cells 30, 15b, 300, and 600, respectively.

Because the interaction with the octahedral oxygen is a short-ranged contact interaction,
it was expected to be unaffected by the added shear strain, whereas the barrier to motion
from the long-ranged attraction to the oxygen in the hexahedral and core site was expected
to be counteracted by the added shear.

The results shown in Fig. 4.5 show a pronounced barrier to return to the octahedral site
for the prismatic core simulation. However in the pyramidal core simulation there is little to
no barrier for return to the octahedral site, this suggests that interstitial shuffling is unlikely
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Figure 4.4: Nye tensor and Vitek maps of dislocation at lowest energy metastable core
structure seen as the dislocation approaches the octahedral oxygen (where slip number=1 in
Fig. 4.3). A-C show the unstressed core, for cells of 3, 15, and 30b thick respectively. D-F
show the Schmid-stressed core for cells of 3, 15,and 30b respectively. The yellow diamond
indicates the position of the oxygen atom.

to occur when the dislocation is pyramidally dissociated, or when it is compact when the
oxygen is in the core interstitial site.
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Micromechanics calculations

The long-ranged attractive interaction between hexahedral oxygen the prism core seems
well predicted by the micromechanical calculation shown in Fig. 4.6. As seen in Table
4.1, our MEAM calculations show an attraction between the hexahedral oxygen and the
dislocation with a strength of 1.04 eV (0.72 eV) for the prismatic (pyramidal) core. The
micromechanical calculation here predicts the hexahedral interstitial has a -0.90 eV (-0.50
eV) attraction to a dislocation in the prismatic (pyramidal) configuration. The values for the
prismatic core are in reasonable agreement with the MEAM calculation. For the pyramidal
core, the larger energy between the MEAM and micromechanical calculation is unsurprising
given the rearrangement in the core structures seen in Fig. 4.6.

Molecular Dynamics Simulations

In addition to the NEB simulations and micromechanics analysis, MD simulations of a
dislocation slipping past an octahedral interstitial were performed to examine the possibility
of interstitial shuffling at temperature (300K) and high strain rate. In these simulations the
same supercell arrangement as the 15 b cells for NEB were used, but with one octahedral
oxygen placed 2 ¢ away from the left dislocation in the prism direction, and six oxygen
placed 2 ¢ from the right dislocation in the prism direction at the same “y” position as the
dislocation and £1(1100) away from the dislocation evenly spaced along the dislocation line.
This oxygen served to completely lock the right dislocation so that it did not affect the slip
of the left dislocation.

After the cells were equilibrated with 1000 0.001 ps timesteps using a Nose-Hoover NPT
thermostat (Hoover, 1985; Nosé, 1984a; Nosé, 1984b) and the Parinello Rahman method
(Parrinello & Rahman, 1981), a constant engineering strain rate oriented for prism slip was
applied. MD under applied strain rate used a NVT SLLOD thermostat (Edwards et al.,
2006).

The results under various strain rates and non-Schmid stresses are summarized in Table
4.2:

€ 5x 107 | 1x10° | 5x10% | 1 x 108
Prism | Shuffle | Cross | Shuffle | Shuffle
Pyr Cross | Cross | Cross Cross

Table 4.2: Behavior (shuffle or cross slip) of dislocation encountering oxygen in MD simula-
tions at various strain rates.

These results show that the dislocation shuffling an interstitial atom is a possible alter-
native to cross slip for the prismatic dislocation, and that the probability of shuffling may
be reduced by application of non-Schmid stress. These results are rather limited as only
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extremely high strain rates are examined due to computational limitations on simulation
length (for reference, the highest strain rate simulation used in experiments in Ref. (Chong
et al., 2020) was 10/s), and only one simple arrangement of oxygen interstitials was used.

4.4 Discussion and Summary

The first result of this work is stronger evidence for the occurrence of interstitial shuffling of
oxygen in a-Ti. Previous work claims interstitial shuffling could cause slip-plane softening,
which is a precursor to brittle failure (Chong et al., 2020). Those results relied on GSF
calculations as an argument for interstitial shuffling to occur. Using full dislocations instead
of stacking faults removes arbitrary constraints on the motion of the interstitial as well as
Ti atoms in the dislocation core. This in turn enables the interstitial atom to interact with
the strain field around the dislocation.

The results presented here show that shuffling is likely to occur given a prismatically
spread dislocation core, the preferred core strucure under no non-Schmid stress in the MEAM
potential used. While the pyramidal core is favored in DFT simulations without oxygen
present, the metastable prismatic core is expected when slip is occurring on the prismatic
plane (Clouet et al., 2015).

However, the results presented here also show shuffling will be suppressed by an applied
non-Schmid stress. Under non-Schmid stress, the core structure is altered to be more pyra-
midal, and remains relatively compact on the prismatic plane even when the dislocation
is prismatically slipping. This shows that there is a significant effect of core structure on
dislocation interstitial interaction.

The effect of core structure on the occurrence of shuffling is explained by the difference in
attraction between the interstitial oxygen and the core fields of the two dislocation structures,
calculated using micromechanics. While the strain field around an idealized screw dislocation
is purely shear, and therefore would not be expected to interact with the interstitial atom,
the core fields around the dislocations in these simulations have tensile components.

The connection between core structure and interstitial shuffling suggest that an alloy
which strongly favors the pyramidal core over the prismatic core may have reduced sus-
ceptibility to oxygen embrittlement. This may help explain the experimentally observed
reduction in oxygen sensitivity seen experimentally in experiments of Ti-xAl alloys (Chong
et al., 2021). This correlates well with DFT simulations that have shown a propensity for
basal and pyramidal spreading of the dislocation core, as well as an increase in the prismatic
SFE (Kwasniak et al., 2016; Tsuru et al., 2022a). As there is interest in discovering more
oxygen tolerant Ti alloys, simulation of dislocation core structure may be a useful step in
alloy design.
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Figure 4.5: Relative energy along NEB pathway for 4 slip events with and without present
interstitial atoms for the following cases: A no non-Schmid or Schmid stress, B no non-
Schmid stress but shear stress of 20 MPa applied, C non-Schmid stressed but unsheared, D
non-Schmid stressed and shear stress of 100 MPa applied.
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Figure 4.6: A and B show the spreading of the dislocation with the oxygen in the core
interstitial site, A unstressed and B with non-Schmid stress applied. C and D show the

calculated elastic interaction from 4.1, for prismatic core and hexahedral oxygen, and the
pyramidal core and hexahedral oxygen respectively.
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Chapter 5

Cottrell atmospheres around screw
dislocations

5.1 Background

Cottrell atmospheres (Cottrell & Bilby, 1949), the collections of interstitial impurities that
form around dislocations, are known to influence strongly the mechanical properties of met-
als. This atmosphere forms because solute atoms are attracted to the stress/strain field
associated with a dislocation, and in effect cause the dislocation to become pinned. In the
typical case, they occur with the interaction of a small interstitial impurity interacting with
an edge dislocation in an face centered cubic or body centered cubic metal such as iron.

For the case of screw dislocations, linear elasticity theory predicts that there is no interac-
tion between a screw dislocation (which, excluding the core region has a purely shear strain
field) and an oxygen interstitial (whose elastic dipole tensor is purely dilational in character).
In the case of HCP Ti there is, however, a short-ranged contact interaction (Chaari et al.,
2019; Yu et al., 2015). The change in energy of a screw dislocation around a solute is then
the sum of the effects of change of stacking fault energy, elastic interaction with the core
field, and elastic interaction with the long-ranged field:

AEﬂdis = AEWASFE‘ + A-Eelastic—core + AEjelastic—long (51)

The methods used in this study are intended to isolate the Cottrell atmosphere effect
from the contact interaction.

As mentioned previously in this dissertation, studies of the (a)-type screw dislocation
cores show some degree of polymorphism, and that the dynamics of the dislocations are
controlled by their core spreadings (Chrzan et al., 2022; Clouet et al., 2015; Poschmann
et al., 2022). What follows is part of a simple analysis to show how the core spreading of an
(a)-type screw dislocation, which may be imagined as partial dislocations without stacking
faults, can lead to substantial linear elastic interactions between the dislocation and the
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oxygen interstitials, and how these elastic interactions may have profound consequences for
the dislocation dynamics.

5.2 Dissociation Model

In the NEB studies of dislocation slip from the last chapter, some curious results were seen
in regards to the structure of the dislocation as it approached the octahedral interstitial. As
seen in Fig. 4.4 A and D, the dislocation takes on a basal, or non-planar arrangement at
high oxygen concentrations along the dislocation line while the oxygen is at the edge of the
core region. Analysis using the DXA algorithm in OVITO identifies Fig. 4.4D as a basally
dissociated dislocation with partial Burger’s vectors of %(1010) and %(Oﬂ()}. Fig. 4.4A is
identified as a complex (threefold) splitting core with partial Burger’s vectors of %(0110%
(4403), and 5(2463).

It should be noted that the threefold core is essentially splitting the one of the two basal
cores again.

118<42103> + 118<246’:§> = ;<1010> (5.2)

This dissociation clearly violates Frank’s rule, that the sum of squared Burger’s vectors
of a dissociation should be lower than the squared Burger’s vector of the undissociated
dislocation in order for it to be energetically favorable. This is evidence that there must be
some other energy in the balance here, and in the analysis here that energy is the elastic
interaction energy between an interstitial atom and the dissociated partial dislocations.

In the molecular dynamics simulations below we see these same dissociations in random
solute fields; in some cases there are discernible stacking faults between the partial disloca-
tions and in other cases there is not a measurable stacking fault length. However, it still
seems wise to first rule out a Suzuki segregation effect on the stacking faults when it does
exist.

5.3 Methods

Calculation of interstitial attraction to basal stacking fault

In order to rule out Suzuki segregation as the source of core structure change, the energy of
attraction of an oxygen interstitial to the basal stacking fault was performed. One interstitial
oxygen was placed in a supercell with two basal stacking faults 30 stacking layers apart,
leaving one oxygen per 24000 Ti atoms. The oxygen was placed in various layers and the
supercell was relaxed with fixed (periodic) lattice vectors. The energy of segregation to
the stacking fault was then the difference between the energy of the cell with the oxygen
equidistant to the two stacking faults and the cell with oxygen 1 layer away from one stacking
fault. The calculated attraction to the stacking fault was 2 meV/oxygen. Given a 1%
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occupation of octahedral interstitial sites, this corresponds to a change in stacking fault
energies of roughly 0.04mJ/m?. Considering that the basal SFE of Ti is 170mJ/m? in
MEAM and 300mJ/m? in DFT (Hennig et al., 2008), a decrease on the order of several
hundredths of a percent is likely much too small to lead to the observed basal dissociation.

Mbolecular dynamics simulation of core structure in random
environments

Compared to a reference prismatic core, in the absence of oxygen, the pyramidal dislocation
core is favored by 3.67 meV /b, and the basal core is disfavored by 135 meV /b in the MEAM
potential (Zhang & Trinkle, 2016).This was calculated by inserting 20*[0001] by 20*[1100]
by n*[1120] cells using the BABEL code (Clouet, n.d.) with various initial positions of the
elastic singularity. For the basal dislocation (1100) partial dislocations were initially placed.
The celled were then relaxed with conjugate gradient minimization in LAMMPS and result-
ing energies were compared. The energies are similar to values seen in DFT (Tsuru et al.,
2022b). However, when oxygen atoms are introduced, the relative energies of the dislocation
structures change significantly, even when the O atoms are placed outside of the disloca-
tion core. To examine this behavior, a series of periodic supercells were created containing
dislocation dipoles and a random arrangement of oxygen atoms. A screw dislocation dipole
was inserted into 20*[0001] by 20*[1100] by n*[1120] cells using the BABEL code (Clouet,
n.d.), with all octahedral interstitial sites filled with oxygen. Then 100 configurations for
each length and oxygen concentration were generated by randomly removing oxygen until
the desired at. % oxygen was reached. Then all oxygen within 4 A of the dislocation place-
ment position was removed to minimize the contact interaction between the oxygen and the
dislocation. Each cell underwent conjugate gradient minimization before 10 ps of molecular
dynamics at 150K, and a 10ps cooling to 1K in an NVT ensemble using a Langevin thermo-
stat (Dinweg & Paul, 1991; Schneider & Stoll, 1978). This calculation gives a prediction of
dislocation dissociation as a dislocation moves through different environments at effectively
0 strain rate and mostly excludes the core-field interactions.

After MD simulations, the DXA algorithm in OVITO was used to identify the (1100)
(basal) splitting, or more complex (threefold, fourfold) splittings (Stukowski et al., 2012).

Molecular dynamics simulation of dislocation motion in a field of
solutes

To test if the dislocation will dissociate when forced to move through a field of solutes at high
strain rate, dislocations were introduced into cells 20%[0001] by 20*[1100] by 30*[1120] using
the BABEL code (Clouet, n.d.). A constant engineering strain rate of 8 * 10®/s oriented
for prism slip was applied, while molecular dynamics was performed using a NVT SLLOD
thermostat at 300K (Edwards et al., 2006). Once again the DXA algorithm was used to
identify dislocation splitting. Here oxygen was not excluded from the dislocation core.
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Calculation of elastic dipole tensor

Elastic dipole tensors (EDTs) were calculated using the residual stress method (Varvenne
& Clouet, 2017). DFT calculations were performed using the Vienna ab initio Simulation
Package (VASP) (Kresse & Furthmiller, 1996a, 1996b), using the projector augmented wave
method(Blochl, 1994; Kresse & Joubert, 1999) and a Perdew—Burke—Ernzerhof form func-
tional (Perdew et al., 1996) including the 3p (Ti_pv). DFT calculations were converged
with a cutoff energy of 1000 ¢V, a minimum of 35000 k points-per-reciprocal-atom, and a
Methfessel-Paxton smearing (Methfessel & Paxton, 1989) of 0.05 eV. Several sizes of n xm x[
cells were considered, where n, m, and [ refer to the number of repeats along the %[1?10],
[1010], and [0001] directions respectively. The reported values of P11 and P33 were the
average of the values from the 4 x 2 x 2, 3 x 3 x 2, and 3 x 2 x 3 cells. The average differed
by less than 2% from the values from the 3 x 2 x 2 cell. The calculated elastic dipole tensor
for an octahedral oxygen using the residual stress method in DFT was (in eV):

235 0 0
Puw=|0 235 0 |. (5.3)
0 0 396

Calculation of elastic fields of attraction

To calculate the elastic fields around an infinite straight dislocation in anisotropic linear
elasticity theory, the equations of Stroh’s sextic formalism (Stroh, 1958) are used. In Stroh’s
formalism, the assumed form of the displacement field (u(xq,x2)) is:

up = Apf (21 + pr2) (5.4)

Where f is an analytic function of a complex variable, and Ay, is a constant vector (implying
that the displacement is not a function of the third direction z3). This is considered a valid
assumption in the case of an infinite straight dislocation when z3 is the dislocation line
direction. Aj will then be in the Burger’s vector direction.

After calculating the stress field around a dislocation, using Stroh’s solution, the stress
around the dislocation is translated into strain field around the dislocation using Hooke’s
Law.

€ij = OijklTkl (5-5)

Where S is the compliance tensor (from the inverted elastic constants) and 7 is the strain.
The elastic constants used in this section for HCP Ti are:
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Cpp =174
Ci2 =95
Ci3 =172

Cs3 = 188

Cys = 58.0

Because linear elasticity it assumed, the strain fields of two or more partial dislocations
may simply be added to calculate the strain field of the whole dislocation. The interaction

energy between the interstitial and these summed strain fields is simply calculated using Eq.
4.1.

5.4 Results

Low energy structures in random environments

The low energy structures in random environments with oxygen excluded from the dislocation
core also showed significant amounts of kink formation. These results are shown in Fig. 5.1.
In the analysed cases, DXA identifies partial dislocations that have not spread far enough to
have a recognizable stacking fault as well as partial dislocations that have fully separated.
Often, the splitting does not extend the whole length of the dislocation (see Fig. 5.1),
suggesting that local fluctuation in the environment around the dislocation can lead to this
splitting. It is noted that an increase in the oxygen content clearly leads to an increase in
the amount of splitting observed.

Since the oxygen has been excluded from the region around the initial placement of the
dislocation (although there are some cases where the dislocations have migrated towards
the oxygen), this appears to be a long-ranged effect as opposed to the elastic interaction
with the dislocation core field discussed in the last chapter. It will be necessary in the
future to compare this to the amount of splitting predicted by the linear elastic model with
micromechanical interaction.

Mbolecular dynamics of dislocation motion

Dislocations moving through a field of random solutes at high strain rates also show basal
and three-fold dissociation. These results corroborate the observations obtained from the
simulations of low energy structures in random environments.

The presence of oxygen is shown to increase the amount of the dislocation that is disso-
ciated on average, especially under applied non-Schmid stress. The results are summarized
in Fig. 5.2. Notably, the dislocations in the presence of oxygen have at least one kink pair
at almost all timesteps. Here, the term kink is used to describe any time the dislocation
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Figure 5.1: (left) Schematic of DXA results along the length of the left dislocation for each
sample, each bar represents a different sample and the type of dissociation along the height
of the cell is represented by color. (right) stacked histogram of lengths of segments for both
dislocations in all 100 random cells colored by type of dissociation. A-C are 1 at. % oxygen
for 3, 30, and 60 b cells respectively. D-F is the same for 3 at. % oxygen. Histograms for 3
b cases excluded.

forms a segment that is differently dissociated than the other segments around it, i.e. a basal
segment is formed in an otherwise undissociated dislocation. The dissociated structures are
generally either basal or a more complex 3-fold dissociation, although sometimes take other
structures. Because of the high strain rate of these simulations, a significant amount of
debris was created during the the deformation process. Oxygen shuffling into the hexahedral
site was also observed. Also important to note is that oxygen was not excluded from the
dislocation core in this simulation, so it is hard to separate core-field and long-ranged effects.
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Figure 5.2: The percent of length of the dislocation line that is dissociated is displayed at
each time-step as a pair of dislocations are sheared through a field of oxygen solutes. The
cases are with and without non-Schmid stress, and with and without 1 at. % oxygen. The
3GPa 0 pct. line has been shifted up by 1 percent on the y-axis to not overlap with the
0GPA 0 Pct line.

Long-ranged elastic interaction from Stroh theory

The results of an example calculation of the long-ranged elastic interaction from Stroh theory
and Eq. 4.1 using the DFT calculated elastic dipole tensors for the basal and threefold
dislocation are displayed in Figs. 5.3 and 5.4.

Notably, for the case of a basal dissociated dislocation, the field of interaction energy
is symmetric. This means that in the limit of an infinitely long, straight dislocation, there
is no expected energy change from the introduction of a field of solutes. However, as a
real dislocation may kink, we can expect some fluctuation of the core structure along the
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Figure 5.3: Interaction energy between an oxygen interstitial and an infinite straight pair of
(1100) partial dislocations. Plot coloring clips to white when out of -50 to 50 meV range.

dislocation line to minimize the energy of the dislocation-solute system. This explains the
frequent kink formation (using the term kink as earlier) from both sets of molecular dynamics
simulations.

This symmetry in interaction energy should be true for any pair of edge partials, and
since in linear elasticity theory strain fields may be summed, the argument of this effect only
causing local changes in energy along the dislocation line should hold true for the threefold
dissociated case as well. In this threefold case the interaction energy with the oxygen is
much higher at some positions than with the basal dissociated case, which may explain the
violation of Frank’s rule for dislocation dissociation.
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Figure 5.4: Interaction energy between an oxygen interstitial and an infinite straight threefold
dissociated dislocation. Plot coloring clips to white when out of -50 to 50 meV range.

5.5 Discussion

The results in this chapter show how oxygen outside of the core region can still locally change
the relative energies of dislocation core structures. This is meaningful for a few reasons. The
first, is that this may affect dislocation dynamics, especially with high concentrations of
solute atoms. For example, solute atoms may be nucleation sites for the dislocation to kink
into a different core structure and then cross-slip. Or, local cross-slip and jog formation
may be encouraged. Secondly, local fluctuations should act as a source of strengthening.
Small segments of dislocations stuck in core configurations where slip is not favorable may
pin larger segments of a dislocation in place, increasing the yield strength of a material.
This effect may be related to the effects seen in simulations by Li et. al (Q.-J. Li et al.,
2019), who observed dislocation roughening influenced by chemical short-ranged ordering
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in the NiCoCr medium entropy alloy. High entropy and medium entropy alloys have often
been shown to have high yield strengths. Finally, in the case of Ti, the ISM may be locally
discouraged by changing the dislocation core structure, so if an alloying element that has the
same effect as oxygen in terms of creating local fluctuations along the dislocation line was
added to a Ti-O alloy it may serve to reduce some of oxygen’s embrittling effects. Developing
an understanding of the relative energies of the various effects on dislocation core structure
energy (as described in Eqn. 5.1) gives an engineer a pathway towards designing an alloy to
have certain dislocation core structures and therefore dynamics.
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Chapter 6

Outlook and Suggested Future Work

6.1 Outlook

It has been shown in MEAM simulations that core structure affects the likelihood of inter-
stitial shuffling. This increased understanding of the interstitial shuffling mechanism gives
motivation for engineering the (a)-type screw dislocation core structure in Ti to more favor
the pyramidal core compared to the prism core.

A better understanding of the core field and Cottrell atmosphere elastic interactions
with dislocations have provided more ways to change the dislocation core structure than the
traditionally discussed stacking fault energy and Suzuki segregation effects. This local affect
is theorized to affect dislocation dynamics and the material’s yield strength. It is hoped that
these understandings could lead to more informed computational design of Ti alloys and
other materials.

6.2 Suggestions for Future Work

Ti-Al-O Alloys

Chong et. al showed that Al, when added to a Ti-O alloy, can increase both strength and
ductility of said alloy (Chong et al., 2021). In their study, alloys with increased ductility
exhibited more strain delocalization, with dislocation entanglements and cross-slips between
planar slip bands. They also claim that the ISM is likely impeded by the high energy of
Al-O bonds that would be introduced by shuffling.

This synergistic behavior between aluminum and oxygen also agrees with the analysis
here that shows the ISM is dependant on dislocation core structure. Kwasniak et. al showed
that Al increases the prismatic SFE and decreases the basal SFE (Kwasniak et al., 2016).
This should increase the probability of cross-slip, instead of shuffling, as the dislocation may
take a pyramidal or basal structure as it approaches the dislocation. Also, Al in the Ti
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matrix should cause local fluctuations along the dislocation line. Using the same method as
in Ch. 5 for calculating the elastic dipole tensor of Al gives the result (in eV):

114 0 0
Py=—-]0 114 0 (6.1)
0 0 1.0

This elastic dipole tensor is on the same order of magnitude as that for oxygen in Ti, but
Al as a substitutional solute could be at up to 10 at. %. How that affects the amount and
type of local fluctuations along the dislocation line is yet to be understood.

Relative energies of the different effects

Throughout this dissertation it has been shown how dislocation core structures in Ti can be
changed by interactions with interstitial atoms. As suggested above in the case of Al the
cores structures will also be changed by substitutional atoms through the same effects (core
field, SFE, Suzuki segregation, and our newly introduced screw dislocation Cottrell effect).
In order to engineer desired slip behavior, an understanding of the relative energies of each
of these effects is needed.

In Ch. 5 there a method is shown to separate core-field and long-range elastic effects based
on placement of the solute atoms with respect to the dislocation in initial configurations.
Separating these effects from the change in elastic constants and GSFE will take some more
work. One suggested way to study the relative energies of these effects would be to find a
model system with an empirical potential where a solute minimally changes stacking fault
energies while still acting as a point source of dilation. The Ti-Zr alloy system is a likely
candidate for these tests.

Core structure predictions

While the previously suggested study would help better predict how elastic dislocation-solute
effects change the relative energy of dislocation core structures, they would not give an initial
prediction of said relative energies. One possible way to perform that prediction would be
to use the semidiscrete variational Peierls Nabarro model (SVPN).

The SVPN model, devised for prediction of Peierls barriers, describes the energy of a
dislocation as follows (Bulatov & Kaxiras, 1997; Lu et al., 2000a, 2000b)

Udis = Uelastic + Umisfit + Ustress (62)

where Ugqstic has a configuration-independent term associated with the long-range strain
field, and a configuration dependant term. Up,sfi is the energy from the disregistry at the
interface of the two elastic half-spaces where the dislocation is located. For our purposes
this will be the result of GSFE calculation. Ug,.ss is the energy from an externally applied
stress.
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Figure 6.1: Side (left) and top-down (right) view of a dislocation in a random oxygen envi-
ronment. Green lines are undissociated dislocation, and orange lines are basally dissociated
as identified by OVITO’s DXA modifier.

After the assumption of an initial disregistry function, the energy is minimized with a
variational approach to find the extent of spreading of a dislocation in a certain plane and the
associated energy. To find a Peierl’s barrier an external stress is applied until the dislocation
is found to move. Some initial attempts to used the SVPN to predict the relative energies
of the prism, pyramidal, and basal cores have been unsuccessful, but there are a number of
correction terms to the model that could potentially improve predictions.

Strengthening from local fluctuations

The last suggested direction for future work is to try to understand how local fluctuations
affect the strength and ductility of a material. As seen in Fig. 6.1, small sections of dislo-
cation may become basally dissociated. This should correspond to a large increase in the
energy barrier for prismatic motion, as the dislocation usually has to rearrange to be spread
on the appropriate plane before it slips.

Varvenne et al. (Varvenne et al., 2016) have introduced a model for strengthening in FCC
high entropy alloys based on wavy motion of a dislocation through a varying potential energy
landscape. It may be possible to adapt this to the HCP case, using energies from computed
elastic interactions to understand the complex potential energy surface the dislocation moves
through.
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