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Abstract of the dissertation
Grain boundary structure and interfacial complexions for the creation of tough, stable
nanocrystalline metals
by
Amirhossein Khalajhedayati
Doctor of Philosophy in Materials Science and Engineering
University of California, Irvine, 2015
Professor Timothy J. Rupert, Chair

Nanocrystalline metals have been the focus of current literature due to their interesting mechanical
properties. This is a result of having nanometer sized grains and high volume fraction of grain
boundaries. While these materials have high strength, the large number of boundaries is also
responsible for the limited ductility and thermal instability often observed for nanocrystalline
systems. Despite the current efforts in the literature, these challenges still prevent widespread use
of nanocrystalline metals in real engineering applications. In this thesis, we study these problems
by focusing on tailoring the grain boundary structure and chemistry and propose a methodology
that can be used to mitigate those challenges. First, we study the plastic flow and failure as a
function of grain boundary volume fraction (i.e., grain size) using microcompression in a
nanocrystalline Ni-W. Since grain boundary physics are extremely important here, we also study
how the relaxation of nonequilibrium grain boundaries affects failure. We show that
nanocrystalline metals with larger grain boundary volume fractions and relaxed boundary
structures are stronger, but also more likely to fail prematurely through catastrophic shear banding.
We also show that shear banding can create a dynamic microstructure leading to grain coarsening.
A major take-away from this work is that disordered grain boundaries can actually be beneficial.
Therefore, in the next study we introduce amorphous complexions, highly disordered grain
boundaries, through grain boundary doping as an all-in-one solution to design against failure and
thermal instability. We use nanocrystalline Cu with the addition of Zr as our model system to
explore complexion engineering in these materials. High resolution transmission electron
microscopy in conjunction with energy dispersive x-ray spectroscopy demonstrates segregation of
Zr to the boundaries of Cu-Zr alloys created with mechanical alloying. This provided evidence
for the formation of amorphous grain boundaries complexions under certain conditions.
Microcompression and in-situ bending experiments are then used to quantify the effect of doping
on mechanical behavior. Finally, our results show that strength, strain-to-failure, failure mode,
and thermal stability can be controlled with boundary doping. The proposed methodology
described here is rather general and can be applied to other material systems to make bulk
nanocrystalline metals with improved mechanical properties.

xiv

Chapter 1 : Introduction
1.1 Mechanical behavior of nanocrystalline metals
Nanocrystalline metals, commonly defined as polycrystals with a mean grain size (d) of
less than 100 nm, are promising structural materials [1], mainly due to reports of high strength
[2,3], fatigue resistance [4,5], and wear resistance [6-8]. The seminal works of Hall [9] and Petch
[10] in the 1950’s showed that the strength of a crystalline metal increases with the inverse square
root of grain size, predicting that GPa-level strength would be achievable for extreme grain
refinement (Fig. 1.1).

Since that time, however, research has shown that the Hall-Petch

relationship breaks down when grain size reaches the nanocrystalline range [11,12]. For grain
sizes below ~100 nm, strengthening with grain refinement is still observed but some reports show
that the inverse square root dependence on grain size no longer persists. For example, Choi et al.
observed what they called a positive deviation from Hall-Petch behavior, where their experimental
data from nanocrystalline Al with d = 48-72 nm showed strength that was inversely proportional
to grain size [13]. Another major change in the dependence of strength on grain size is found when
average crystallite size is reduced below ~10-20 nm. Experimental research often reports a plateau
in strength with further grain refinement [14,15], while molecular dynamics simulations more
commonly report an “inverse Hall-Petch” trend where reduction in grain size actually decreases
strength [16-19]. Recent work from Trelewicz and Schuh [20] consisting of quasi-static and
dynamics nanoindentation experiments has shown that this disagreement is likely due to the
difference between the strain rates that are commonly applied in experimental and computational
techniques. A maximum rate sensitivity of strength was found at a grain size of ~12 nm, meaning
that high strain rates such as those used in molecular dynamics simulations would show a
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maximum strength at an intermediate grain size and inverse Hall-Petch scaling at smaller grain
sizes.

Figure 1.1 The Hall-Petch relationship showing the effect of grain size on flow stress [1].

Grain boundary dominated plasticity and failure
The observation of new structure-property scaling laws in nanocrystalline materials is
interesting scientifically because it signals the emergence of new physical mechanisms responsible
for plasticity. The change in strengthening slope observed below d ~ 100 nm is believed to be
related to a shift from plastic deformation that is controlled by intragranular dislocation sources to
grain boundary sites acting as sources and sinks for dislocation activity. Molecular dynamic
simulations were able to show the nucleation (Fig. 1.2(a)) and absorption of partial dislocations at
the grain boundary of nanocrystalline Ni [21]. Van Swygenhoven et al. [22] used molecular
dynamics simulations to study the deformation physics of nanocrystalline Al and found that
dislocation nucleation and propagation was limited by activity at grain boundary sites.
Interestingly, they found that these dislocations often became pinned at grain boundary ledges as
they moved through the grain, giving the spacing between boundary pinning points as the
characteristic length scale of the mechanism. This interpretation has been supported by Huang et
2

al. [23], who showed that experimental data could be well-described by a model that invokes
Orowan-type pinning of dislocations with the grain size taken as the distance between obstacles.
The behavior of nanocrystalline materials with grain sizes blow ~10-20 nm has been attributed to
the emergence of grain boundary sliding and rotation as the dominant carriers of plastic
deformation. Schiotz et al. [24,25] were the first to report such a mechanism when they detected
local sliding events during molecular dynamics simulations of nanocrystalline Cu. Grain boundary
sliding was also observed during a molecular dynamics study of nanocrystalline Ni by Van
Swygenhoven et al. [26], where more detailed analysis showed that this process takes place by
either atomic shuffling or stress-assisted free volume migration.
Recent studies have shown not only that plasticity is grain boundary dependent, but also
that failure is directly related to grain boundary structure in nanocrystalline materials. Electron
microscopy studies have shown the formation of nano-voids in the grain boundary and triple
junctions in front of a moving crack [1,27]. These interfacial voids can join together to make a
larger micron size crack and cause intergranular fracture. Molecular dynamic simulations on
nanocrystalline materials also support the formation of nano-voids at the grain boundaries [28-30].
Fig 1.2(b) shows the formation of a crack at the grain boundaries of nanocrystalline Ni at 12%
strain by using molecular dynamic simulations.

3

Figure 1.2 (a) Molecular dynamic simulation showing nucleation of partial dislocations at grain boundary of
nanocrystalline Ni [21]. (b) Molecular dynamic simulation showing formation of a crack at the grain boundary
of nanocrystalline Ni at 12% strain. The loading axis is horizontal [28].

The common feature of the new deformation physics described here is the increased
importance of grain boundaries as facilitators for plastic deformation and failure. Since grain
boundaries are more abundant and more important in nanocrystalline systems, increased attention
has been focused on studying the atomic structure of these interfaces. A number of studies have
reported that nanocrystalline metals often contain nonequilibrium grain boundaries, characterized
by excess free volume or grain boundary dislocations, in their as-prepared state [31,32]. However,
this nonequilibrium structure can be easily relaxed into a more ordered state by applying low
temperature heat treatments [32,33], with a more ordered and connected grain boundary structure
found after relaxation.

Perhaps not surprisingly since boundaries are so important for

nanocrystalline plasticity, reports have shown that mechanical strength is highly dependent on this
grain boundary structural state. Detor and Schuh [34] showed that grain boundary relaxation
resulted in a significant increase in hardness, even though grain size was unchanged. Rupert et al.
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[35] further isolated this effect through systematic nanoindentation at different grain sizes,
showing that this hardening occurred quickly and was grain size dependent.
From the discussion above, it is clear that overcoming the main challenges in this class of
materials such as low fracture toughness and low strain-to-failure [36-38] becomes tightly bonded
on the structure of the grain boundaries. The issue of limited ductility in nanocrystalline materials
comes from the lack of inefficient accommodation of dislocation plasticity, leading to microcracks,
or a lack of strain hardening. In recent years, several methods have been proposed to improve the
toughness and ductility of nanocrystalline materials. One common strategy includes dispersing a
larger grain size into the structure of a nanocrystalline material, which results in improved the
strain hardening ability [39-41]. While this increases ductility, these materials with bimodal grain
sizes do so at the expense of strength. Another method for improving ductility is the promotion
of mechanically-induced grain growth. Rupert et al. [42] showed that shear strain can be
accommodated by the motion of grain boundaries in pure nanocrystalline materials at the expense
of grain coarsening, but again this is accompanied by a decrease in strength. A different approach
to the issue of limited ductility was to develop ultra-fine-grained materials with a high density of
nano-sized twin boundaries [43,44]. Although such materials are promising, they cannot be
applied to wide range of materials, since the formation of nanotwinned grains is only possible for
materials with low stacking fault energy. This research has been done mainly on Cu for this reason.
The challenge still remains for many other nanocrystalline systems, and it is clear that a new
approach is required to improve the ductility of nanocrystalline materials.

5

Emergence of glass-like shear banding
As a result of the novel deformation mechanisms, Schuh and Lund [45] suggested that
nanocrystalline systems with d < 10 nm should have mechanical properties which resemble those
of metallic glasses. This concept was first supported by the observation that nanocrystalline metals
exhibit a tension-compression asymmetry of their strength and shear transformation zones operate
inside of grain boundary regions during plasticity [46]. Recent molecular dynamics (MD)
simulations [47] have uncovered a universal relation between strength and modulus in
nanocrystalline alloys that resembles prior observations of metallic glasses [48].

Another

connection between the mechanical behavior of metallic glasses and nanocrystalline metals was
found when Trelewicz and Schuh [14] explored the plasticity of nanocrystalline Ni-W using
nanoindentation and found shear steps in the pileup surrounding the indents for average grain sizes
of 6 nm and 3 nm, with more significant steps observed in the finer grained sample (Fig. 1.3). The
shear offsets observed in this study were similar to observations from the metallic glass literature,
such as the shear banding found after nanoindentation of an Al-based metallic glass by Jiang et al.
[49].
When shear banding is observed in metallic glasses, it is often accompanied by structural
evolution, most commonly in the form of crystallite formation [50,51]. However, the effect of
shear banding on the structure of nanocrystalline materials has not been explored thoroughly, with
experimental evidence especially scarce. Wei and coworkers did observe grain coarsening inside
of shear bands in ultra-fine grained (typically meaning 100 nm < d < 1000 nm) Fe with d of 110
nm [52], as well as ultra-fine grained W [53] and Ta [54]. However, these materials have average
grain sizes that are larger than what would be considered nanocrystalline and were all body
centered cubic (BCC) metals, meaning a direct extrapolation to nanocrystalline face centered cubic
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(FCC) metals such as Cu, Al, or Ni is not possible. Some insight has been provided by MD
simulations, but these studies have been limited to pure, single element metals. For example,
Sansoz and Dupant [55] studied nanoindentation of nanocrystalline Al with d = 5 nm and d = 7
nm at absolute zero temperature and reported grain growth due to grain rotation and grain boundary
migration inside of shear bands. More recently, Rupert [56] observed the formation of shear bands
during simulated tensile testing of a nanocrystalline Ni with d = 3 and 6 nm using MD. These
studies show that the grain structure in pure nanocrystalline materials can be considered dynamic
under mechanical loading.

Figure 1.3 Scanning electron micrograph (SEM) of nanoindentation experiment on nanocrystalline Ni-W with
different grain sizes [14].

Extrinsic vs intrinsic ductility
As discussed previously, novel deformation physics control deformation in nanocrystalline
materials and these properties should be sensitive to grain boundary state. To understand these
new behaviors, we need to observe the response of nanocrystalline materials under a simple
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applied load, i.e., uniaxial compression or tension. However, the vast majority of studies which
probe mechanical behavior systematically as a function of grain size or grain boundary state rely
on indentation experiments (e.g., [14,34,35,57-59]). While such techniques allow for large
number of tests and only require small volumes of material, they also only give a scalar
measurement of strength. As a result, the community has very little reliable information about
how the novel deformation mechanisms in nanocrystalline materials impact more complex
behavior, like strain hardening and failure. In addition, nanoindentation imposes a complex, threedimensional stress state which makes it difficult to connect to constitutive theories for yielding
and also adds concerns about the effect of a large confining pressure on plasticity. In order to
study strain hardening behavior, full plastic flow, and the failure of nanocrystalline materials in a
straightforward manner, a simple uniaxial tension or compression test is required. However, such
testing has to date been problematic as premature failure can occur for two main reasons: (1)
improper specimen geometry, and (2) defects resulting from the fabrication process.
Early attempts at uniaxial testing of nanocrystalline materials largely consisted of creating
dog-bone specimens from thin sheets of nanocrystalline metals (e.g. [60-62]). This means that the
samples commonly had thicknesses that were orders of magnitude smaller than the in-plane
dimensions. Such geometries are problematic, as they introduce a geometric sample size effect,
with strain-to-failure decreasing with sample thickness [63]. Brooks et al. [64] explored this effect
specifically in nanocrystalline Ni, showing that samples with thicknesses below ~100 µm
experienced macroscopically brittle fracture that was not representative of the intrinsic material
response. Unfortunately, such thin samples are common within the uniaxial testing literature,
where they are often used out of necessity since it is difficult to deposit thicker, high quality
nanocrystalline films.

Sharon et al. [60] recently reviewed these geometric effects on

8

nanocrystalline uniaxial testing, showing that they can lead to premature sample necking and that
they produce strain-to-failure measurements that are not representative of the material’s ability to
plastically deform in a stable manner (Fig. 1.4). Zhao et al. [65] showed that by making sample
geometries defined by ASTM Standard E8 [66], the strain-to-failure becomes independent of
thickness, leading to a recommendation that the comparison of strain-to-failure of a nanocrystalline
material with different tensile test specimen geometry should be done cautiously.

Figure 1.4 The effect of characteristic length scale on elongation to failure of various nanocrystalline metal
systems [60].

Another complication that precludes the simple application of traditional uniaxial testing
techniques to nanocrystalline materials is the effect of processing defects. Research has shown
that nanocrystalline materials are commonly plagued by incomplete consolidation of particles,
surface flaws, sulfur-induced grain boundary embrittlement, and hydrogen pitting, all of which
can cause premature failure [61,67,68] . For example, nanocrystalline Cu [69] and Ni-Fe [67]
showed increased strain-to-failure with improved processing chemistry that reduced particulate
contamination and hydrogen pitting. Brooks et al. [64] also explored this issue in detail. Samples
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produced by an optimized process were found to experience twice as much plastic strain before
failure, while the samples without this optimization always failed at large void-like defects
produced when hydrogen gas was trapped in the deposit. Therefore, without having a proper
geometry for mechanical testing and samples that are free of processing defects, conventional
testing methods cannot provide us with accurate results and an alternative uniaxial testing
technique is needed to adequately probe the plastic flow and failure response of nanocrystalline
materials.
Recently, microcompression testing has become a promising and reliable technique that
can be used to acquire the mechanical properties from a small volume of material [70,71].
Although this testing method is often used to study the effects of external sample size on
mechanical behavior (e.g., [72]), such micropillars can actually serve as a bulk mechanical testing
technique if the characteristic length scale associated with the microstructure of the material is
much smaller than the pillar size (Fig. 1.5). For a material with a grain size in the nanometer range,
hundreds of thousands to millions of crystallites will be contained inside of a pillar with a diameter
of at least a few microns. For this reason, we suggest that micropillar compression can be used to
measure the intrinsic properties of nanocrystalline materials. With microcompression, one can use
sample aspect ratios that are small and within the range of ASTM standards while also minimizing
the possibility of processing voids and defects being trapped in the small volume of material that
is probed. Such a method opens a path for the accurate quantification of plastic flow and failure
in nanocrystalline materials under simple loading conditions.
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Figure 1.5 SEM image of the a uniaxial microcompression testing setup [73].

1.2 Grain boundary doping: Failure and structural stability
The problem of low ductility and low fracture toughness is directly coupled with many
other issues in the design of nanocrystalline metals. For example, nanocrystalline metals suffer
from microstructure instability at low temperature and grain growth can hinder their use in real
life applications where they lose their original properties over time. Recently, research has shown
that addition of alloying elements to the pure nanocrystalline system is advantageous for several
reasons. In practice, alloying with a second element is often required, since pure nanocrystalline
metals can undergo thermally-driven grain growth even at room temperature in some cases [74].
Grain boundary doping which is segregation of these alloying elements to the grain boundaries
can not only reduce the grain boundary energy but also introduce new grain boundary structures.
In this section we explore these effect in more detail.
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Thermal stability
One of the major roadblocks in widespread implementation of nanocrystalline metals is
connected to the thermal stability needed to consolidate them into bulk form [60,75]. The high
grain boundary fraction gives a large driving force for coarsening and nanocrystalline materials
exhibit limited thermal stability [76], with grain growth even being reported at room temperature
for pure nanocrystalline metals [77]. Fig. 1.6 compares the grain growth of pure nanocrystalline
Cu with different nanocrystalline Cu alloys. It is clear that the pure nanocrystalline Cu has an
extreme tendency to grain growth even at low temperature while alloyed nanocrystalline Cu shows
much better thermal stability.

Figure 1.6 the effect of alloying on the grain growth of binary nanocrystalline Cu alloys [78].

The lack of thermal stability can be addressed in two ways: thermodynamic stabilization
or kinetic stabilization of the microstructure. The former is achieved by reducing the excess grain
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boundary energy [79] while the latter is achieved by reducing the grain boundary mobility [80].
The effect of these two mechanisms can be summarized by Eq.1.1 [78]:
=
where

×

=

exp

×

(1.1)

is the curvature driven velocity of a grain boundary during grain growth, M is the grain

boundary mobility, P is the driving force for grain growth, M0 is a mobility constant, Qm is an
activation energy, γ is grain boundary free energy per unit area, and r is the radius of curvature.
To obtain a stable microstructure, either M or P should be reduced, ideally to zero if stability is
expected over long time periods. Kinetic approaches often rely on precipitation of second phase
particles or solute drag that reduces the grain boundary mobility by applying a pinning pressure
on grain boundaries [81]. However, based on Eq.1, the mobility term follows an Arrhenius
function and extremely high temperatures can ultimately make kinetic approaches impractical. In
thermodynamic approaches, γ should be reduced since the driving force for grain boundary
migration is proportional to grain boundary energy. This is often done by doping grain boundaries
with a solute that has a large atomic size mismatch with the solvent atoms. Grain boundary free
energy is much less temperature dependent, and thermodynamic methods are philosophically more
promising since they could stabilize a microstructure indefinitely [15,82,83]. The common theme
between both approaches is that alloy systems are required for high stability, meaning that the
doping of nanocrystalline materials should be studied in more detail.
Chookajorn et al. [79] showed that reducing grain boundary energy by doping these
interfaces can be a powerful design strategy for the creation of thermally-stable nanocrystalline
materials, demonstrating this concept by producing a W-20 at.% Ti alloy that retained a 20 nm
grain size even after being exposed to 1000 °C for one week. An exemplary material system that
uses this concept of grain boundary dopants to its advantage is nanocrystalline Ni-W. Detor and
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Schuh [15] created thermally-stable Ni-W alloys with grain sizes ranging from ~140 nm down to
~3 nm, tuned by controlling the W concentration, using electrodeposition. Recent studies have
shown that alloying can also change a nanocrystalline materials resistance to mechanically-driven
structural evolution. For example, extremely pure nanocrystalline Al was observed to experience
dramatic grain coarsening under uniaxial loading [84], but the addition of small amounts of O into
such films stabilized the grain structure [85]. Similarly, Lohmiller et al. [86] found that pure Au
is prone to stress-induced grain growth, while Au with Cu segregated to the grain boundaries is
not.
A number of theoretical models have been developed to predict candidate elemental
combinations for thermally-stable nanocrystalline materials, most using readily available
thermodynamic parameters [81,87].

For example, Murdoch and Schuh[88] developed a

comprehensive model using a Miedema-type [89] approach for the estimation of grain boundary
segregation enthalpy, with their model being independent of temperature and grain boundary
solute concentration. These authors used this model to find the most thermally-stable binary alloys
and confirmed previous experimental observations, such as excellent thermal stability in
nanocrystalline W-Ti with a grain size of ~20 nm [79] and a combination of phase separation and
grain growth in nanocrystalline Cu-Ag [90]. In a similar manner, to predict the stability of many
nanocrystalline systems due to grain boundary segregation, Darling et al. [91] created stability
maps showing the minimum solute composition required to reduce excess grain boundary energy
to zero at different grain sizes and temperatures. Both of these studies serve to guide researchers
in their selection for system candidates when engineering thermally-stable nanocrystalline alloys
through grain boundary segregation.
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From the discussion here, it is clear that doping can increase the stability of nanocrystalline
grain structures, at least to evolution caused by temperature or simple stress states. The stability
of nanocrystalline materials is essential for fabrication of bulk sized sample which requires high
temperature during consolidation and sintering. Although, with recent advances, this problem is
better understood, however not many nanocrystalline metals are shown experimentally to be stable
enough to design a true bulk nanocrystalline metals. This topic is still an ongoing research effort.

Grain boundary complexions
Besides having an important role in reducing grain boundary energy, grain boundary
doping can drive the formation of new interfacial structures at the grain boundaries and controlling
mechanical failure [92]. Initially, Hart [93] suggested that grain boundary segregation can lead to
the nucleation of grain boundary phases that could explain embrittlement in steel. Subsequently,
Clarke and Thomas [94] were able to directly show evidence of interfacial “phase-like” structures
in a MgO-doped Si3N4 ceramic using high resolution transmission electron microscopy (TEM).
Many studies have since reported on the effects of these grain boundary structures on the overall
physical and mechanical properties in metals and ceramics, such as the being cause for solid state
activated sintering and abnormal grain growth [95-103].
Recently, Tang et al. [104] introduced the term complexion to differentiate grain boundary
“phases” from traditional bulk phases. The main reason for this convention is that complexions
depend on their abutting grains and cannot exist as separate entities [92]. However, there are some
similarities which are useful for materials design. Grain boundary complexions, like bulk phases,
can be described with thermodynamic parameters and can transition between complexion types
due to changes in variables such as temperature, pressure, local chemistry, or grain boundary
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character [92]. Dillon et al. [105] categorized complexions into six types based on the grain
boundary thickness and solute adsorption (Fig. 1.7): monolayer and sub-monolayer adsorption
(Type I), clean or undoped grain boundaries (Type II), bi-layer absorption (Type III), multi-layer
adsorption (Type IV), nanoscale intergranular films (Type V), and wetting films (Type VI).
Complexion types I-V are only in equilibrium when sandwiched between abutting crystals, while
complexion type VI can be in equilibrium at an interface or by itself as a standalone phase.
Complexion types V and VI are often disordered, in which case they can both be broadly classified
as amorphous intergranular films (AIFs).

Figure 1.7 High resolution TEM images of Dillon-Harmer complexation type I-VI in Al2O3 [105].

One type of complexion that is specifically interesting for this work is the AIF. These
intergranular grain boundary films have been observed with high resolution TEM in many different
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ceramic systems [106-111]. Similar interfaces have been observed in metallic systems indirectly
[112-115] as well as by using high resolution TEM [116]. Luo et al. [117] have shown the
possibility of forming an equilibrium, amorphous grain boundary phase in the nickel-doped
tungsten alloy. Fig. 1.8 shows high resolution TEM experiments on the 1 at. % W-Ni alloy
displaying the formation of a grain boundary complexion by annealing to just below the eutectic
temperature.

Figure 1.8 High resolution TEM image of an amorphous grain boundary complexion in the W + 1 at. % Ni.
(a) Raw data and (b) a digitally enhanced image [117]. The equilibrium phase diagram for W-Ni is included in
the inset to (a).

Luo et al. [118] showed the necessity for creation of grain boundary phase diagrams which
can help to predict the properties such as subsolidus activated sintering. In recent years, several
studies have been done to study the thermodynamic parameters affecting the formation of grain
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boundary complexions by changing chemistry and heat treatment [104,119-121]. One such a
phase diagram is shown in Figure 1. Fig 1.9. One key characteristic is that higher temperature
allows for thicker grain boundary complexions to form, and the thickness of the interfacial
complexion is directly related to the annealing temperature [118]. The discussion of the impact of
complexions on material properties has been almost exclusively limited to transport properties
such as diffusion. One notable exception is the identification of a bilayer complexion in Cu-Bi as
the cause of liquid metal embrittlement in that system [112].

Figure 1.9 Computational binary phase diagram for W-Co binary system showing different stable interfacial
phase thicknesses over different compositions [118].

The lack of strain hardening and propensity for early fracture in nanocrystalline metals can
also be related to the ability of the grain boundary in absorbing the mobile defects.

To

accommodate defects, interfaces are required to have excess free volume [30]. In the absence of
this free volume, dislocations cannot be absorbed and microcracks can form. By tuning the
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chemistry of the grain boundary and adding a stable disordered complexion, it may be possible to
increase the ductility of nanocrystalline materials. Molecular dynamic simulations by Pan and
Rupert [122,123] on Cu bicrystals doped with Zr showed that complexions in the form of AIFs
(complexion types V or VI) can increase the damage tolerance of a grain boundary by absorbing
multiple dislocations and acting as an efficient sink for dislocations. These authors also showed
that thicker AIFs are capable of absorbing more dislocations and delaying intergranular void
formation to higher shear strains [122]. Because nanocrystalline metals with grain size above 10
nm plastically deform through grain boundary dislocation emission and absorption,[59] grain
boundary complexions should have a major impact on the ductility and toughness of these
materials.
In fact, this hypothesis is supported by the work of Wang et al. [124] on nanocrystalline
Cu/Cu-Zr nanolaminates. Although they were not complexions created by thermodynamic driving
forces, the thin amorphous layers that were added between nanocrystalline Cu layers were found
to increase ductility when compared to a monolithic nanocrystalline Cu film. Fig. 1.10(a) shows
a high resolution TEM image of a nanolaminate of crystalline Cu and amorphous Cu/Zr layer
which acts as a sink for incoming dislocations. Metallic glasses are expected to have near zero
ductility and to be brittle, but, with addition of the metallic glass phase between the layers of
nanocrystalline Cu, the strain-to-failure of the material increased noticeably (Fig. 1.10(b)).
Although, a metallic glass is brittle in its bulk form, by having a small thickness here, the metallic
glass layer cannot form mature, catastrophic shear bands [125,126]. Fig. 1.10(c) shows the
formation of forest sessile dislocation after yielding in the Cu and Cr/Zr nanolaminates. After the
application of a few percent plastic strain, the density of dislocations decreases, as shown in Fig.
1.10(d). The dislocations get absorbed into the amorphous grain boundary layer. Therefore, by
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changing the grain boundary structure through addition of a second alloying element, it should be
possible to improve the ductility while avoiding crack nucleation.

Figure 1.10 (a) High resolution TEM image of nanolaminates of Cu and Cu/Zr. (b) Stress-strain curves of a
Cu/Zr nanolaminate, nanocrystalline Cu, and a Cu/Stainless Steel nanolaminate. (c) Formation of sessile
dislocations after yielding of Cu/Zr nanolaminates. (d) Decrease of dislocation density by application of more
plastic strain to the sample after yielding [124].

1.3 Problem statement and research objective
It is clear that grain boundary structures have important effects on the flow and failure of
nanocrystalline metals. Consequently, an obvious solution for ongoing problem of low ductility
and thermal instability is to design and study novel grain boundary structures in nanocrystalline
metals. However, this idea is recent, and a complete picture of the effect of grain boundaries is
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still lacking. Therefore, it is the goal of this thesis to focus on isolating the effect of grain boundary
structures on different aspects of physics and mechanics of nanocrystalline metals. The studies
done toward this objective in this thesis are categorized in four chapters:
•

Chapter 2: Microcompression testing was used to study the effect of grain size and grain
boundary relaxation on flow and failure behavior of nanocrystalline Ni-W with grain sizes
from 5 to 90 nm. The results of this study guided us in the selection and design of failure
resistant nanocrystalline structure.

•

Chapter 3:

The effect of shear localization on structural stability was studied in

nanocrystalline Ni-W with a 5 nm average grain size. The microstructure of the shear
bands formed during uniaxial microcompression and nanoindentation experiments were
characterized with TEM to understand how extreme deformations influence grain structure.
•

Chapter 4: A new technique was developed to introduce grain boundary complexions in a
nanocrystalline Cu-Zr to design against failure and thermal instability. The effect of these
new grain boundary structures on toughness and strength were explored.

•

Chapter 5: Formation of the grain boundary complexions with different annealing
conditions was studied. Thermal stability and hardness were analyzed as a result of doping
of Cu with Zr.
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Chapter 2 : The effect of grain boundary relaxation and volume fraction on
failure of nanocrystalline Ni-W under uniaxial compression 1
2.1 Introduction
In this chapter, we use uniaxial microcompression testing to study the full flow curve and
failure behavior of a nanocrystalline alloy, with a specific focus on understanding the importance
of grain size and grain boundary relaxation state. Nanocrystalline Ni-W was chosen as a model
system, since grain size can be easily manipulated during electrodeposition and this system has
been studied extensively with nanoindentation [15,34,127]. To the authors’ best knowledge, this
is the first study to systematically explore uniaxial flow and failure in specimens with grain sizes
from near 100 nm to below 10 nm. By studying this entire range, we are able to probe the effects
of the entire gamut of deformation physics that control plastic deformation in nanocrystalline
metals, spanning grain boundary dislocation mechanisms as well as grain boundary sliding and
rotation. Strength, strain hardening, strain-to-failure, and failure mode are tabulated as a function
of grain size and relaxation state. We show that reducing grain size and relaxing grain boundary
structure can change the failure mode of a nanocrystalline metal from uniform plastic flow to shear
localization. The localized plastic flow that we observe is reminiscent of shear banding in metallic
glass, providing clear evidence of a connection between the deformation physics of nanocrystalline
and amorphous metals.

1

“Emergence of localized plasticity and failure through shear banding during microcompression of a
nanocrystalline alloy”, Khalajhedayati A, Rupert TJ. Acta Materialia, (2014) 65:326.
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2.2 Materials and Methods
Nanocrystalline Ni-W alloy samples were created using pulsed electrodeposition following
the work of Detor and Schuh [15]. In this system, the applied waveform is used to control the W
content in the deposited film and, since the W exhibits a subtle tendency to segregate to the grain
boundaries, the grain size can be controlled as well. Samples with mean grain sizes of 5, 15, and
90 nm were deposited onto 99% pure Ni substrates. In order to limit the impurities in our films,
no organic grain refiner such as saccharine was used during electrodeposition. After deposition,
samples were divided into two sets: as-deposited and relaxed. To relax the nonequilibrium grain
boundary structure found in electrodeposited films, the specimens were annealed at 300°C for 1
hour and then water quenched, following prior work by Rupert et al. [128]. Such low temperature
annealing treatments are aggressive enough to relax the grain boundaries, but gentle enough that
grain growth is not induced. In light of recent computational [129] and experimental[130] research
connecting grain boundary chemistry to strength, one could also ask if segregation of additional
solutes to the grain boundaries occurs during annealing. Fortunately, previous microstructural
evolution studies of nanocrystalline Ni-W [34] have shown that grain boundary relaxation always
precedes other types of structural evolution (grain growth, precipitation of second phases, shortrange ordering, or segregation), making Ni-W an ideal candidate for isolating the effects of
nonequilibrium grain boundary structure. All of the samples were polished to submicron level
using diamond suspension solutions. The final thicknesses of the films were at least 50 µm after
fine polishing.
It is important to reiterate that grain size and composition are not independent in the Ni-W
system. Films with higher W content will have finer grain sizes, which can complicate direct
comparisons of strength measurements from different grain sizes. Rupert et al. [131] were able to
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isolate and quantify the strengthening effect of solid solution W addition to nanocrystalline Ni
when grain boundary dislocations control plasticity, but the authors are not aware of any study
which has isolated solid solution strengthening when grain boundary sliding dominates. This
means that any trends we observed in measure strength cannot be only attributed solely to grain
size, nor can the relative contribution of grain size and composition be separated. However, Rupert
et al. [131] also found that solid solution addition does not alter the dominant deformation physics.
Since we are mainly interested in reporting on flow and failure characteristics in this paper, the
three selected grain sizes can still be used to demonstrate mechanical behavior when the different
deformation mechanisms are active.
TEM samples were prepared using the Focused Ion Beam (FIB) in-situ lift out technique
[132] in a Quanta 3D FEG Dual Beam microscope. Lamellae with 10 µm widths and 5 µm heights
were cut from each sample, and then thinned to create an electron-transparent specimen. A voltage
of 5 kV was used during the final thinning step to minimize the thickness of the damaged layer
created by the FIB. The same instrument was used to take SEM images of the pillar before and
after deformation at 5-10 kV. Bright field TEM images were taken using a FEI/Philips CM-20
TEM microscope operating at 200 kV. Mean grain sizes were calculated by manually identifying
and tracing individual grains, and then calculating the equivalent circular diameter for each before
finding an average value. Fig. 2.1(a)-(c) shows the bright field TEM images of the as-deposited
samples, while Fig. 2.1(d) presents cumulative distribution functions of grain size in each sample.
Fig. 1 shows equiaxed grains with a narrow grain size distribution. X-ray diffraction (XRD)
profiles were obtained using a Rigaku SmartLab X-ray Diffractometer with a Cu Kα radiation
source operated at 40 kV and 44 mA. The XRD profiles were used to ensure that all of the
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specimens were polycrystalline, fcc solid solutions and to estimate the average grain size using the
Scherrer equation [133] .

Figure 2.1 Bright field TEM images of nanocrystalline Ni-W samples with average grain sizes of (a) 90 nm,
(b) 15 nm, and (c) 5 nm. Grain size measurements from each sample are presented in a cumulative distribution
plot in (d).

Micropillars with average diameters of 7 ± 0.1 µm and average heights of 15.7 ± 0.3 µm were
fabricated with automated lathe milling using the FIB, following the method of Uchic et al. [70].
The pillar aspect ratio (height/diameter) of 2.2 was chosen to follow microcompression testing
guidelines developed by Zhang et al. [39], in order to avoid plastic buckling. The number of grains
across the diameter of an average pillar is ~80 for the largest grain size (d = 90 nm) sample, which
is more than enough to avoid external size effects on strength[134]. To make sure the indenter
head does not hit the surrounding material around the pillar, a crater with a diameter of ~60 µm
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was first milled using 7-15 nA around the prospective site. A circular fiducial mark was then
milled on the center of the rough pillar with a 100 pA current, and a two-step lathe milling process
was utilized to create the final pillar shape. First, a 1 nA current was used to mill the pillar close
to its final shape, and then a final current of 100 pA was used to create a higher quality surface on
the pillar and to reduce the damage layer from the FIB [135,136]. The lathe milling method allows
taper-free pillars to be produced, as shown in Fig. 2.2, so a simple, uniform stress state can be
applied to the nanocrystalline specimens.

Figure 2.2 (a) An SEM image of a representative pillar that was used for uniaxial microcompression testing.
(b) Magnified SEM image of the same pillar, showing the taper-free geometry.

An Agilent G200 nanoindenter was used to perform microcompression testing. The pillars
were compressed using a Berkovich indenter tip truncated to have a flat, triangular surface at the
end with an average side length of 31 µm. Although the instrument is an inherently forcecontrolled indenter, a feedback control loop was implemented so that the indenter nominally
imposes a constant displacement rate. A constant displacement rate of 5 nm/s was applied,
resulting in an engineering strain rate of 3.2 × 10-4 s-1 for the samples used here. For each grain
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size and grain boundary relaxation state, at least five pillars were tested to ensure that the results
were reproducible. When using microcompression testing, one must be careful to correct for the
compliance of the base and minimize the misalignment between the indenter head and the pillar’s
top surface [137-139]. Sneddon’s equation of rigid cylindrical flat punch displacement into an
elastic half space was used to exclude the base compliance from our data[138]. Misalignment of
the indenter decreases the measured modulus of the pillar by introducing a bending component to
the deformation [137]. By carefully preparing flat, level samples and by following the best
practices to align the pillars with the nanoindenter head [70], we are able to limit the misalignment
to less than 1°, as calculated using the method of Schuster et al.[140].
Engineering stress-strain data was converted to true stress-stain data by assuming a uniform
plastic deformation and conservation of the volume of pillar. Brandstetter et al. [141] and Vo et
al.[142] both showed that the traditional 0.2% offset yield strength is not appropriate for
nanocrystalline materials. Therefore, following the work of Brandstetter et al., yield stress was
calculated based on a 0.7% yield strain offset. Some pillars were unloaded in order to calculate
the modulus of the specimens while others were stopped at different plastic strains to study the
deformation behavior in the SEM. To compare the results of microcompression with standard
nanoindentation techniques, a Berkovich tip calibrated with standard fused silica was used for the
measurement of hardness for each specimen. A constant indentation strain rate of 0.05 s-1 and at
least 30 indentation experiments were used to find average hardness values.

2.3 Effect of grain size: As-deposited nanocrystalline Ni-W
We begin by exploring how grain size and, therefore, the dominant physical mechanism
controlling plasticity affects the uniaxial deformation of nanocrystalline materials. The d = 5 nm
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sample is small enough that grain boundary sliding and rotation is expected to completely control
plastic deformation. The d = 90 nm is near the upper limit of the nanocrystalline regime and the
deformation physics is expected to be dominated by dislocation activity originating at and being
absorbed by the grain boundaries. The d = 15 nm is in the critical grain size range mentioned in
the introduction where the shift between these two mechanisms occurs, so some combination of
grain boundary dislocation plasticity and grain boundary sliding/rotation is expected here. Fig.
2.3 presents true stress-strain curves for as-deposited Ni-W specimens with different grain sizes.

Figure 2.3 True compressive stress-strain curves from as-deposited Ni-W specimens with (a) d = 90 nm (b) d
= 15 nm (c) d = 5 nm. At least 5 pillars were tested for each grain size, and some pillars were unloaded to
calculate the stiffness of the pillar-substrate system. The inset to (c) shows that premature flow serrations can
be found in a few of the curves from the 5 nm grain size samples.

The results for the d = 90 nm pillars, presented in Fig. 2.3(a), are discussed first. There is
little variation between individual sample response and an average yield stress of 1.54 GPa is
measured. Immediately after yielding, very limited strain hardening is observed over a small range
of plastic strain. However, the vast majority of the plastic behavior is characterized by subtle strain
softening. The decrease in flow stress with plastic strain is roughly linear, with a measured slope
-0.45 GPa. The 90 nm grain size material lies near the upper limit of what is considered
nanocrystalline (d < 100 nm), and a similar strain softening behavior has been previously observed
in ultra-fine grained Ti [143] and Ni[144]. A possible reason for the observed decrease in strain
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hardening ability compared to traditional metals is the reduction of dislocation sources inside the
grain, and hence the reduction of hardening mechanisms expected from these activities. Fig. 2.3(a)
also shows that the sample with d = 90 nm can sustain large plastic strains without any signs of
failure, even after an applied strain of >25%. Fig. 2.4(a) shows an SEM image of a d = 90 nm
pillar after 30% compressive strain. Plastic deformation was found to be uniform throughout the
sample and no significant bending of the pillar was observed.

Figure 2.4 SEM images of as-deposited nanocrystalline Ni-W alloy pillars with (a) d = 90 nm and (b) d = 15
nm after uniaxial microcompression. The 90 nm grain size pillar shows a uniform plastic deformation while
the 15 nm grain size pillar fails through strain localization.

Fig. 2.3(b) shows the true stress-strain data for the 15 nm grain size material, and several
aspects of the stress-strain behavior have changed significantly with grain refinement. First, the
average yield stress has significantly increased to 2.57 GPa. Such an increase in strength with
grain refinement mimics reports that rely on nanoindentation results [128]. The strain hardening
behavior during the initial stages of plastic deformation appears to be similar for the 90 nm and 15
nm grain sizes; a small amount of strain hardening is observed immediately after yielding but this
behavior is short-lived. However, the strain softening at larger plastic strains is much more
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pronounced and a linear strain softening slope of -1.95 GPa is measured for this grain size. Perhaps
the most dramatic and unexpected difference in the mechanical behavior of the d = 15 nm samples
is the observation of sudden failure at true strains of ~10-20%. Fig. 2.4(b) shows an SEM image
of a d = 15 nm pillar after failure under compression. The pillar fails through the formation of a
major shear band, and the top of the pillar shears off at an angle. Since the nanoindenter used in
this study is inherently load controlled, this sudden downward movement of the indenter cannot
be accommodated quickly enough in the feedback loop, causing a violent downward motion of the
indenter tip that then pushes the damaged base off to the side. The grain size of this sample is
close to the critical grain size where grain boundary sliding and rotation begin to carry an
appreciable fraction of plastic strain [27,145], suggesting a causal link between the emergence of
such collective grain boundary mechanisms and strain localization.
Finally, Fig. 2.3(c) presents the true stress-strain curves from the d = 5 nm specimens,
showing even more unique mechanical behavior. These specimens demonstrate what appears to
be elastic-perfectly plastic response with no discernible strain hardening and they then fail
catastrophically after small plastic strains of only a few percent. The yield strength increases to
3.0 GPa, but the strain-to-failure has decreased significantly. No strain hardening or strain
softening observed. While there appears to be increased scatter in the loading behavior of these
samples, it is important to point out that four curves almost exactly overlap and are difficult to
differentiate. The curves from the two samples that appear to be more compliant during loading
(green and dark red in Fig. 2.3(c)) actually experience strain jumps that cause an apparent deviation
from linear elasticity. These serrations are shown more clearly in the inset to Fig. 2.3(c). The
formation and development of shear banding can be seen in SEM images taken after uniaxial
compression. Fig. 2.5(a) shows a d = 5 nm pillar where the test was stopped immediately after
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the initial deviation from linear elastic loading in the load-displacement curve, showing that
several shear bands have formed along the length of the pillar. Fig. 2.5(b) is a pillar from the same
grain size sample, but it was allowed to fail completely. Catastrophic failure occurred and
secondary shear bands can be seen crossing the main slip steps. The details of the surface relief
resulting from the shear banding are seen more clearly in Fig. 2.5(c), which presents an SEM image
taken at higher magnification. We hypothesize that the premature flow serrations shown in the
inset to Fig. 2.3(c) are shear bands which could not fully cross the sample width and lead to
complete failure. As mentioned previously, it is expected that grain boundary sliding and rotation
are the main carriers of plastic deformation at d = 5 nm.

Figure 2.5 (a) SEM image showing the formation of shear bands immediately after initial yield in as-deposited
nanocrystalline Ni-W with d = 5 nm. (b) SEM image of the same material after the complete failure showing
multiple shear bands and catastrophic sample failure. (c) Magnified image of the same pillar showing
intersecting shear bands in more detail.

Further insight into the failure behavior of our d = 5 and d = 15 nm samples can be found
by looking more closely at the indenter displacement.

Fig. 2.6(a) presents the average

displacement rate versus time for representative examples taken from each grain size. Two major
types of displacement bursts can be identified. For the two finest grain sizes, the average
displacement rate shows a discontinuity corresponding to shear banding and catastrophic failure
of the pillar. Since the system is inherently force controlled, the lack of resistance due to sample

31

failure leads to a rapidly increasing displacement rate. For the largest grain size, small strain bursts
are observed, but the average displacement rate settles back to the constant target value. Here,
dramatic changes in the slope of the stress-strain response give rise to the temporary strain bursts.
For this sample, the change in the instantaneous sample stiffness is simply the result of a shift from
elastic loading with a high slope to plastic flow with a much lower tangent modulus. After the
yield point, while the indenter tries to keep the displacement rate constant, the feedback loop
overcompensates and several strain bursts appear. The responses described above can also be seen
in the raw displacement versus time data presented in Fig. 2.6(b). Shear banding leads to a rapid,
uncontrollable failure of the pillar and the indenter then slams into the surface, while the behavior
of the strain bursts in the d = 90 nm sample are much more controlled.

Figure 2.6 (a) Average displacement rate of the indenter head during microcompression testing for a
representative pillar from each grain size material. The average displacement rate is 5 nm/s. Sudden strain
burst are either due to shear localization or large changes to the stiffness of the pillar-substrate system. (b) The
raw displacement versus time data also bears evidence of these strain bursts.

The strain localization described above for our 5 nm grain size is qualitatively similar to
observations of shear banding by Trelewicz and Schuh [14] during nanoindentation studies of
nanocrystalline Ni-W with d = 3 nm, although here we see more clearly how such shear banding
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reduces strain-to-failure. Trelewicz and Schuh observed the formation of shear bands in the pileup surrounding indentation impressions created with a cube corner indenter tip, suggesting that the
finest nanocrystalline metals deform through mechanisms that are similar to those that control
metallic glass plasticity.

The fundamental unit of plasticity in a metallic glass is a shear

transformation zone (STZ), or a small collection of atoms that undergoes an inelastic shear strain.
When metallic glasses are deformed at temperatures well below their glass transition temperature,
STZ activity leads to free volume accumulation along a distinct path, causing strain localization in
the form of shear banding [145]. Schuster et al. [140,146] studied room temperature plastic
deformation of a Pd-based metallic glass using a microcompression technique similar to the one
used here. These authors observed features of metallic glass plasticity that are similar to the
behavior of our d = 5 nm Ni-W sample: (1) serrated flow characterized by displacement bursts,
(2) a lack of any appreciable strain hardening, and (3) failure through shear banding.
Insight into the similarity between the shear banding observed in the finest nanocrystalline
metals and metallic glasses can be gained by understanding exactly how grain boundary rotation
and sliding are accommodated. Lund et al. [46] used molecular statics simulations to study
nanocrystalline plasticity and found that these collective motions result from the local
rearrangement of small groups of atoms within the grain boundaries, a process similar to the STZs
found in metallic glasses. One important difference is that, while any group of atoms can
participate in such collective rearrangement in a metallic glass since there is no long range order,
only the grain boundary atoms can participate in such motion in a nanocrystalline system. Since
the crystalline grain interiors cannot participate in STZ-like motion, localization should still be
limited by the connectivity of the interfacial network. However, recent molecular dynamics
simulations from Rupert [56] have shown that a grain boundary percolation path of high strain can
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be easily formed across a wire diameter if the grain size is small enough. Once this path is formed,
strain intensifies in this region with progressive deformation due to the lack of hardening
mechanisms.
While a natural comparison between amorphous plasticity and the collective grain
boundary plasticity of the very finest nanocrystalline grain sizes can be made, a more complicated
process is needed to describe why the 15 nm grain size would experience shear banding and strain
localization since grain boundary dislocation plasticity is also important for this material. In fact,
while Trelewicz and Schuh [14] saw shear banding during quasi-static nanoindentation of a 3 nm
grain size, they did not observe such behavior for larger grain sizes. To the best of our knowledge,
the results presented here are the first to show shear banding in a nanocrystalline fcc metal with a
grain size as large as 15 nm. With a grain size this large, a shear band is unlikely to form entirely
through a grain boundary path, but rather through a combination of boundary and dislocation
mechanisms. Hasnaoui et al.[147] provided the first evidence of such a mechanism, when their
molecular dynamics simulations of nanocrystalline Ni showed the formation of common shear
planes during uniaxial deformation at elevated temperatures. They suggested that this shear plane
formation was a cooperative process that included several grains and could involve three types of
mechanisms: migration of grain boundaries, coalescence of grains with low angle grain
boundaries, and intragranular slip that provides continuation of a shear plane encountering a triple
junction. Sansoz and Dupont [148] also observed the initial formation of a shear plane during
molecular statics simulations of nanoindentation in nanocrystalline Al. Finally, Rupert [56] used
molecular dynamics simulations of nanocrystalline Ni to show more clearly how a localization
path formed by grain boundary and dislocation mechanisms can thicken and intensify to form a
fully developed shear band. This author observed successive partial dislocation emission, leading
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to deformation twins which extended the localization path through the grain interior. Rupert also
observed that, while localization paths along grain boundaries form quickly during initial stages
of plasticity, grains that must be sheared with grain boundary dislocations can limit shear band
formation. This likely explains why the 15 nm grain size sample experiences a moderate level of
plastic strain before shear banding. Until dislocation mechanisms can traverse enough grains to
create a percolation path across the sample width, catastrophic strain localization cannot
commence.

2.4 Effect of grain boundary state: Relaxed nanocrystalline Ni-W
With insight into the importance of grain size, we next move our attention to understanding
how grain boundary state, specifically the relaxation of nonequilibrium interfacial structure, affects
the mechanical properties of nanocrystalline alloys. XRD and TEM of the annealed samples
showed that the low temperature annealing treatment used for relaxation did not change the grain
size. We began first by looking at the largest grain size sample. Figure 2.7(a) shows the true
compressive stress-strain curves for the d = 90 nm samples. The yield strength of the material has
slightly increased to 1.7 GPa, or 0.15 GPa more than the as-deposited case. We again observe two
different types of behavior in the true stress-strain curve after the yield point. First, a very limited
amount of strain hardening is found immediately after yielding over a range of small plastic strains.
This is followed by a region of roughly linear softening behavior, but this behavior has become
slightly more pronounced and was measured to have a slope of -0.63 GPa. Hence, even large
nanocrystalline grain sizes become more prone to strain softening after grain boundary relaxation.
Like its as-deposited counterpart, this material can still withstand large plastic strains of up to 25%
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without failing. SEM images of micropillars after deformation (not shown here) demonstrate that
the relaxed, d = 90 nm grain size sample still experiences homogeneous plastic flow.

Figure 2.7 True compressive stress-strain curves from relaxed Ni-W samples with (a) d = 90 nm (b) d = 15 nm
(c) d = 5 nm. At least 5 pillars were tested for each grain size, and some pillars were unloaded to calculate the
stiffness of the pillar-substrate system.

Fig. 2.7(b) shows the true stress-strain behavior of the d = 15 nm relaxed samples. The
average yield stress of the material increased to 3.15 GPa, or increased by 0.57 GPa from the asdeposited state. Hence, grain boundary relaxation has a larger strengthening effect as grain size is
reduced. Rupert et al. [128] suggested that relaxation reduces the density of grain boundary
sources for dislocation emission or nucleation, making it harder to initiate plastic flow.
Alternatively, Van Swygenhoven et al. [22]proposed that dislocation pinning at grain boundary
sites could determine the strength of nanocrystalline metals, so it is possible that the local structure
of the grain boundary influences this process as well. In this case, a more ordered (i.e., relaxed)
grain boundary would have fewer high energy sites where local stress variations could aid the
applied stress and keep the dislocation moving, again meaning a higher applied stress is needed to
initiate macroscopic plasticity in the sample. The maximum flow stress and yield stress values do
not differ more than the error in the measured data, indicating that even the limited strain hardening
ability seen in the as-deposited sample has vanished. The value of the strain softening slope has
decreased to -3.2 GPa for the relaxed d = 15 nm sample. Interestingly, the strain-to-failure of the
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relaxed sample decreased significantly compared to the as-deposited sample, with all of the pillars
failing between 5% and 8% strain through shear banding. Thus, both d = 90 nm and d = 15 nm
samples have a higher tendency to strain soften after relaxation, but the relaxed d = 15 nm sample
also experiences catastrophic strain localization at smaller plastic strains when compared to the asdeposited state. Fig. 2.8(a) presents an SEM image of a d = 15 nm relaxed pillar right as it starts
to fail, showing the formation of a major shear band.

Figure 2.8 SEM images of (a) 15 nm (b) 5 nm relaxed samples after the microcompression test. After the
complete failure of the pillar, the indenter head pushes the pillar to the side, and the impression of the indenter
tip is visible in (b).

Fig. 2.7(c) shows the true stress-strain behavior of the d = 5 nm relaxed specimens. For
this group of specimens, no appreciable plastic strain was observed before catastrophic shear
banding occurred. Without measurable plastic strain, we instead report the maximum stress as our
yield strength here. The pillars fail as soon as they reach a critical stress of 3.4 GPa, meaning
strength has increased by 0.4 GPa over the as-deposited condition. While this is appreciable
strengthening, it is less than was observed for the 15 nm grain size, suggesting that relaxation has
the strongest effect on strength at an intermediate grain size. Nanoindentation work from Rupert
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et al. [35]reported a trend that was qualitatively similar, but found that the largest strengthening
was observed at d = 6 nm, near our finest grain size sample here. This apparent discrepancy can
be addressed by directly comparing microcompression and nanoindentation measurements for the
samples tested in this study, which we will do shortly. Fig. 2.8(b) shows a d = 5 nm relaxed pillar
after the completion of the compression test, where it is clear that the pillar failed with a formation
of a major shear band. The indenter head continued to travel downward for a few seconds after
failure, causing the impression of the tip which is visible in the pillar top.
Fig. 2.9(a) shows our yield stress data plotted as a function of grain size for as-deposited
and relaxed Ni-W, while Fig. 2.9(b) presents nanoindentation hardness measurements taken from
the same samples. In each case, the strengthening we observed with grain refinement does not
follow a strict d-1/2 scaling, signifying a deviation from Hall-Petch behavior. While compositional
changes should also affect this data, the increase in W content with decreasing grain size would
lead to strengthening, so it cannot be to blame for the decreased slope observed in Fig. 2.9. Both
sets of measurements show that relaxation of nonequilibrium grain boundaries leads to significant
strengthening, but the maximum effect occurs at different grain sizes for each type of
measurement. While yield stress demonstrates the largest improvement at d = 15 nm, hardness
increases the most with relaxation for the 5 nm grain size. However, we suggest that this is simply
an artifact associated with the nanoindentation technique. The stress-strain curves from the relaxed
d = 5 nm sample show that this material cannot accommodate appreciable plastic strain before
failing catastrophically through shear banding. However, during nanoindentation, either the
confining pressure underneath the indenter or the geometry of the indenter tip can suppress such
localization, leading to an anomalously large measurement of the sample’s strength. This concept
can be seen more clearly in Fig. 2.10, where nanoindentation hardness is plotted versus yield stress
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measurements. For all of our as-deposited samples and the relaxed samples with larger grain sizes
(i.e., the specimens that can sustain at least a few percent plastic strain before failure), there is a
linear correlation between hardness and yield stress. This is the conceptual idea behind hardness
as a quick and convenient measure of strength: the two quantities should be related in a known
manner. However, the relaxed d = 5 nm sample (i.e., where there is no measurable plastic strain
before failure) clearly deviates from this behavior, with a strength that is much lower than what
would be predicted from its hardness. For materials where strain localization occurs before stable
plastic flow can be developed, such as our smallest nanocrystalline grain size in the relaxed state,
hardness trends do not necessarily mimic trends in true strength measurements.
An important observation is that relaxation of nanocrystalline grain boundaries makes the
5 and 15 nm grain sizes more susceptible to shear banding, reducing the strain-to-failure in both
cases. For d = 5 nm, a comparison with metallic glass physics can again be useful. Both
experiments [149] and simulations [150] have shown that metallic glasses with increased short
range order deform through larger, more conspicuous shear bands. A highly disordered metallic
glass has many sites with elevated local stresses, which can cause small shear bands to nucleate in
different regions of the sample and give a macroscopic deformation that is more homogeneous.
When there are few local variations in atomic stress due to structural disorder, the operation of an
STZ provides the largest local stress fluctuation and strongly biases successive nearby STZ
operation, leading to large catastrophic shear bands. If deformation is accommodated entirely
through grain boundary processes in the 5 nm grain size sample and these boundaries locally
deform in a manner that is similar to a glass, a relaxed, more ordered grain boundary structure
would also result in increased strain localization. For the 15 nm grain size, increased strain
localization likely results from a superposition of the effect of relaxation on grain boundary
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processes and its effect on grain boundary dislocation mechanisms.

As mentioned in the

Introduction, grain boundaries not only act as sources of dislocations, but also as sinks where the
defects are reabsorbed into the opposite boundary. A more ordered grain boundary, with fewer
local stress variations and less free volume, should be a less efficient sink for such absorption than
the disordered boundary found in the as-deposited materials. Without efficient reabsorption of the
first dislocation that traverses the grain, a bias for successive nearby dislocation emission exists
within the crystallite, making it easier for the localization path to be created across the grain
interior.
The results described here highlight the fact that grain boundary state is very important for
nanocrystalline metals. The grain size of a nanocrystalline metal is often thought of as the
structural feature which controls mechanical properties, but we show here that the plastic flow and
failure of nanocrystalline Ni-W samples with the same grain sizes can be dramatically different
depending on their grain boundary relaxation state. A more ordered boundary structure gives
nanocrystalline metals increased strength, but also leads to more pronounced strain softening
during the later stages of plastic deformation. In addition, for our smallest grain size of 5 nm and
15 nm, relaxation of nonequilibrium grain boundaries reduces strain-to-failure and promotes shear
banding. While an ordered boundary structure improves strength, this appears to come at the
expense of toughness.

40

Figure 2.9 Mechanical property measurements for nanocrystalline Ni-W samples, plotted as a function of
grain size. Yield stress is shown in (a), while hardness measurements are presented in (b). For these samples,
relaxation has a maximum effect on yield stress for d = 15 nm, while hardness shows the largest increase for d
= 5 nm.

Figure 2.10 Hardness plotted against yield stress for both as-deposited and relaxed nanocrystalline Ni-W
samples. The straight line is fitted to the first five data points. The relaxed 5 nm grain size sample does not fall
on this line, suggesting that hardness and yield stress cannot be directly related for nanocrystalline samples
that fail before developing appreciable plastic strain.
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Finally, since grain boundary state has been shown to be important, it is likely necessary
to differentiate between nanocrystalline materials created by different processing routes when
looking for trends in literature data. Early studies of nanocrystalline materials often accessed a
variety of grain sizes by taking a very fine grained sample and annealing it to cause thermal grain
growth (see, e.g.,[151,152]). However, such annealing should also relax nonequilibrium grain
boundary structure, making it difficult to compare property measurements from, for example, a 40
nm grain size sample that was created by annealing with those from an as-deposited 40 nm sample.
Grain boundary state should also be important when comparing deposited nanocrystalline
materials with those created by severe plastic deformation. Processing techniques such as ball
milling, high pressure torsion (HPT), and equal channel angular pressing (ECAP) create
nanostructured metals by adding a great deal of strain energy to the material in order to drive
refinement. Materials created by these methods likely have grain boundary structures which are
even further from equilibrium than deposited films.

2.5 Conclusions
Microcompression testing has been used to study the effects of grain size and grain
boundary relaxation state on plastic flow and failure of nanocrystalline Ni-W. To our knowledge,
this is the first study to systematically probe the uniaxial stress-strain response of nanocrystalline
metals with microcompression over a range of grain sizes that spans the entire range of possible
deformation mechanisms. Such a technique is extremely advantageous for probing nanostructured
materials, as it avoids the common geometric and processing artifacts which plague standard
uniaxial testing on these materials. The results presented here allow the following conclusions to
be drawn:
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•

Grain refinement from d = 90 nm to d = 5 nm causes yield strength to nearly double,
increasing from 1.54 GPa to 3.0 GPa, respectively, although chemistry also plays a role in
this strengthening since W content increases from ~3% to ~20%.

•

Our largest grain size, d = 90 nm, could be compressed to >25% true strain without failing.
Subtle strain softening was observed, but deformation remained homogenous in nature
throughout the compression experiments.

•

The intermediate grain size of 15 nm, where a combination of dislocation plasticity and
grain boundary plasticity controls deformation, was much stronger as a result of its finer
grain structure, but experienced pronounced strain softening and then sudden failure
through shear banding at applied true strains of 10-20%.

•

Our finest grain size, d = 5 nm, exhibits elastic-perfectly plastic deformation with no
apparent strain hardening or softening after yield. After plastic strains of only a few
percent, strain localization occurs and these specimens fail through shear banding that
resembles the behavior of metallic glasses.

•

Relaxation of nonequilibrium grain structure strengthens nanocrystalline metals, but makes
our two finest grain sizes more susceptible to strain localization. For d = 15 nm, the strainto-failure is reduced to 5-8%, while the 5 nm grain size sample shows no appreciable plastic
strain before shear banding causes failure.

•

In samples where strain localization leads to failure, there may not be a direct correlation
between nanoindentation hardness and yield stress measurements. For our relaxed d = 5
nm samples, hardness was artificially high due to the suppression of shear banding under
the indenter.
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Taken as a whole, the results presented here show that catastrophic strain localization is an
issue for nanocrystalline metals with small grain sizes. The grain sizes less than 20 nm which are
strongest are also the most likely to fail at small applied strains. This strain localization is also a
function of grain boundary state, with an ordered interfacial structure promoting shear banding
and failure that resembles metallic glass behavior. While a relaxed grain boundary state increases
strength, it is detrimental to strain-to-failure.
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Chapter 3 : Grain coarsening in a thermally-stable nanoscale grain structures
by strain localization2
3.1 Introduction
In Chapter 2, shear banding was found in grain sizes as large as 15 nm, suggesting that
catastrophic strain localization can be a more common problem for nanocrystalline materials than
previously thought.

Recent studies showed that plasticity drives grain growth in many

nanocrystalline metals, although this is expected to be mitigated in alloys [42]. However, shear
banding is an extreme event where local plastic strain reaches very high levels, so it is possible
that evolution occurs. Understanding such behavior is important for the study of grain size stability
since it can show the limit of grain boundary doping methods. In this chapter, we investigate the
microstructure of nanocrystalline Ni-W with d = 5 nm before and after catastrophic shear banding.
Ni-W was chosen as a model system for this study because, due to the subtle tendency for
segregation of W to the grain boundaries (grain boundary excesses of 4-8 at.% W over the grain
interior composition), nanocrystalline coatings that are resistant to thermal grain growth up to ~500
°C (i.e., ~45% of the melting temperature) can be created [34]. This allows us to observe how
severe strain localization occurs in an alloy system which is typically stable. A combination of
microcompression and nanoindentation were used to induce shear banding, since these two
techniques allow us to explore different stress states and plastic strain distributions. During
microcompression, nearly all plastic strain is limited to the shear bands, while in nanoindentation
there is a combination of shear banding and homogeneous plasticity. We find that intense strain
localization inside of shear bands can drive obvious coarsening and texturing, while homogeneous

2

Disruption of Thermally-Stable Nanoscale Grain Structures by Strain Localization
Khalajhedayati A, Rupert TJ. Scientific Reports (2015) 5:10663.
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plasticity (or low plastic strain) leaves the grain structure unchanged. These results suggest that
even thermally-stable nanocrystalline grain structures can coarsen under mechanical loading, but
extreme conditions are required.

3.2 Materials and methods
A Ni-based alloy with 23 at.% W and an average grain size of 5 nm was prepared using
the pulsed electrodeposition method of Detor and Schuh [15]. Although the equilibrium Ni-W
phase diagram predicts a mixture of FCC Ni(W) solid solution and Ni4W for this alloy
composition, our films were comprised only of FCC Ni(W) solid solution, in line with previous
observations of similar nanocrystalline Ni-W alloys [34,127]. Cylindrical micropillars with
average diameters of 7 µm and lengths of 16 µm were fabricated using a lathe milling Focused Ion
Beam (FIB) technique [153]. An Agilent G200 nanoindenter with a flat triangular tip was used to
compress the pillars at a constant displacement rate of 5 nm/s. For our nanoindentation studies, a
cube corner tip was used to make the observation of the deformed region around the indent easier,
as significant pile-up can occur with this tip geometry [35]. Previous studies [154,155] have shown
that shear banding during nanoindentation is strain rate dependent and that a higher strain rate
shifts the plasticity toward more homogenous plasticity. For this reason, a relatively low strain
rate of 0.05 s-1 was chosen to promote shear banding. For nanoindentation, the as-deposited sample
was annealed at 300°C for 1 hour to relax the grain boundary structure to a lower energy level [35]
since relaxation has been shown to increase the propensity for shear localization.

TEM

characterization was performed with a Philips-FEI CM-20 operated at 200 kV and equipped with
a Gatan digital camera. Site-specific TEM samples were prepared using a FIB in-situ lift out
technique [156] in a FEI Quanta 3D field emission gun (FEG) dual beam microscope. The TEM
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lamellas were polished with a 5 kV Ga+ ion beam to minimize ion beam damage to the sample.
All SEM imaging was carried out at 5 kV in the same dual beam SEM/FIB.

3.3 Results
Microcompression of nanocrystalline Ni-W with d = 5 nm
Fig. 3.1(a) shows a SEM image of a micropillar of nanocrystalline Ni-W after microcompression
testing. The pillar experienced a large strain burst and failed catastrophically. The micropillar has
a number of major surface steps corresponding to primary shear bands (red arrow), with a high
density of thinner, secondary shear bands that crisscross each other also observed (white arrow).
Fig. 3.1(b) shows the corresponding true stress-strain curve for this pillar. Several strain bursts
are observed in this curve, with two examples denoted by black arrows. The pillar compresses
elastically for the majority of this test, with deviations from this behavior only coming in the form
of strain bursts. Such a response is a sign that plasticity is dominated by shear banding for this
testing methodology, not homogeneous plastic deformation, as a smooth microplastic region of
the stress-strain curve would be found in that case.

Figure 3.1 Microcompression of nanocrystalline Ni-W with an average grain size of 5 nm: (a) SEM image of
a micropillar after deformation, taken at 52° tilt. Several slips steps from primary shear bands are observed
on the surface, in addition to smaller, secondary shear bands criss-crossing in between. (b) True stress-strain
curve of the corresponding pillar showing several displacement bursts during micorcompression.
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Fig. 3.2(a) presents a bright field TEM image of shear bands, one primary and one
secondary, inside of the micropillar. Shear bands with thicknesses from 10 to 270 nm were
observed, and most of the shear bands are in the lower end of this range. The thickest bands
corresponded to locations where large, primary shear bands were found on the surface, with an
example found in the center of Fig 3.2(a) and denoted by dashed white lines. A smaller, secondary
shear band is found in the lower right of the same Figure outlined by solid white lines. This Figure
also shows that grain growth is limited to the shear bands. Fig. 3.2(b) shows a magnified view of
the microstructure inside of the major shear band, with the largest grains in this region being ~17
nm in diameter. Fig. 3.2(c) shows the cumulative distribution function of grain size inside and
outside the shear bands, as compared to the as-deposited microstructure. The average grain size
inside the shear bands has been increased by more than 50%, from 5 nm to about 8 nm, and the
distribution of grain sizes has widened. The grain size outside of the shear bands, in the region
which only experienced elastic deformation, has not changed and the grain size distribution
follows the same pattern as the initial microstructure. An example of the network of shear bands
found inside the sample is shown in Fig. 3.2(d). Part of a primary shear band can be seen in the
top left of the image, with many secondary shear bands coming out in directions downward and to
the right. The crisscross pattern seen on the surface of the pillar in the regions with a high density
of secondary shear bands has a similar appearance. All shear bands observed in microcompression
samples appeared as long, straight lines. To the best of our knowledge, this is the first time that
the microstructure inside of a shear band has been observed experimentally in a nanocrystalline
FCC metal.
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Fig. 3.3(a) presents a selected area electron diffraction pattern taken from one of the major
shear bands. The segmented ring pattern is indicative of a textured microstructure and the specific
pattern observed here is a pure shear texture often observed in FCC metals, consisting of {100}
{011}, {111} <112>, and {111} <110> components[157]. Similar patterns and textures were
found along the entire length of the shear band, confirming that this observation was a general one.
A dark field image, taken by putting the smallest objective aperture on one of the segmented rings,
is shown in Fig 3.3(b). Grains that are oriented in the same diffraction condition are visible as
bright spots in this image, with the high density of bright regions inside the shear band indicating
the existence of a preferred orientation. Outside the shear band, the distribution of dark and bright
spots is random since there is no texture. Fig. 3.3(c) shows a higher magnification dark field TEM
image of the microstructure inside the same shear band, where a cluster of grains with the same
orientation can be seen.

Figure 3.2 Microstructure of the shear bands inside the pillar: (a) TEM image of a primary shear band
outlined with dashed white lines and secondary shear band outlined with solid white lines. (b) Magnified view
of the area denoted by the white box in (a) showing grain growth inside of the shear band. (c) Cumulative
distribution function of grain size from grains inside and outside the shear bands, as well as the as-deposited
sample. (d) TEM image showing an example of the shear band network inside of the pillar.
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Figure 3.3 Pure shear texture in the shear band: (a) Selected area diffraction pattern taken from a thick shear
band. (b) Corresponding dark field TEM image of the shear band, showing many grains with the preferred
texture within the shear bands. (c) Magnified view of the microstructure inside the shear band, showing a
cluster of grains with similar orientations.

Nanoindentation of nanocrystalline Ni-W with d = 5 nm
Nanoindentation imposes a strong strain gradient and a complex stress field under the
indenter tip [158]. Fig. 3.4(a) shows a nanoindentation made with a cube corner tip. The tip
geometry literally resembles the corner of a cube and has a very sharp end, therefore it confines
the plasticity to a small volume of material under the tip and often induces pile-up formation
around the indents. The large shear steps that are observed in the pile-up surrounding the
nanoindentation site in this Figure indicate that inhomogeneous plasticity and flow localization
occurred [128].

Fig. 3.4(b) shows the corresponding load-displacement curve from this

nanoindentation experiment.

The nanoindenter is inherently force-controlled, so any shear

banding events appear as a burst in displacement [153]. Two such displacement bursts are
magnified in Fig. 3.4(b), each with a magnitude of ~10-15 nm.
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Figure 3.4 Nanoindentation of nanocrystalline Ni-W with average grain size of 5 nm using a cube corner tip:
(a) SEM image of one of the indents taken at 30° tilt. (b) Corresponding nanoindentation load-displacement
curve, with several strain bursts denoted by black arrows. (c) Average strain rate versus indentation depth for
the same loading curve, showing jumps in the instantaneous strain rate during loading which match up with
the bursts denoted in (b).

An indentation study by Wright et al. on Zr based metallic glass showed that flow serration
during loading is due to formation of shear bands under the indenter tip [159]. Although these
serrations clearly exist in our experiment, careful examination shows that the loading curve is
mostly smooth and only a few displacement bursts are observed. Another way to visualize the
number of the shear band events is to plot the instantaneous strain rate versus indentation depth,
as shown in Fig 3.4(c). Since the indentation test was supposed to be at a constant strain rate under
perfect conditions (i.e., without any displacement bursts), the strain rate data should follow a
straight line. However, the displacement bursts that occur in this experiment lead to local peaks
in the instantaneous strain rate. The peaks that are pointed out here correspond to the same
51

displacement bursts that were highlighted in the load-displacement curve, and less than 10 of these
peaks were observed. The deformation is a combination of homogenous plasticity (smooth loaddisplacement curve) and strain localization (displacement bursts). Schuh and Nieh [154] observed
similar combinations of deformation modes in Pd- and Zr-based metallic glasses.
Fig. 3.5(a) shows cross-sectional TEM images of the nanoindentation observed in the
previous Figure. The area under the indenter tip denoted by a dashed box is magnified in Fig.
3.5(b). The shear bands have a curved shape and extend deep under the indenter tip, in contrast to
the straight shear bands found after microcompression. Measurement of the shear bands after
indentation showed that the thickness varies from 8 nm to 32 nm. The area denoted with a solid
white box is magnified in Fig. 3.5(c). Grain growth was observed in all the shear bands but, due
to limited thickness of the shear bands in nanoindentation, selected area diffraction patterns could
not give conclusive results about the texture. Fig. 3.5(c) shows the shear bands that extend to the
pile-up surrounding the indentation site. These bands terminate at the surface and result in slip
steps there, as previously shown from a different perspective in Fig 3.4(a). Fig. 3.6(a) shows an
example of the complex, entangled pattern of curved shear bands formed under the indent. Fig.
3.6(b) presents the cumulative distribution function of grain size for the sample which was
indented. The grain size distribution outside of the shear bands remained the same as the asdeposited specimen. However, the grain size inside the shear bands is much larger, with d
increasing from 5 nm to 8 nm and a distribution which ranged from 3-17 nm.
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Figure 3.5 TEM images of Ni-W after nanoindentation: (a) TEM image of the entire indentation cross-section.
(b) Magnified image of the dashed box showing the shear bands diretly underneath the indenter tip. (c)
Magnified image of the solid box, showing shear bands which terminate at the surface and create slip steps.
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Figure 3.6 Microstructure after nanoindentation: (a) The microstructure of the same indent in the pile-up on
the surface of the sample; TEM image of shear bands forming an intersecting network underneath an indent.
(b) Cumulative distribution function of grain size Cumulative fraction vs. grain size from grains inside and
outside the shear bands, as well as the original as-deposited relaxed microstructure.
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3.4 Discussion
The experiments described above show that nanocrystalline alloys with extremely fine
grain sizes can experience strain localization in the form of shear banding, mimicking prior
observations in metallic glasses. This similarity can be understood by recognizing the features
these materials have in common. Both metallic glasses and nanocrystalline metals are extremely
strong, which has been shown to be important for strain localization [2,160]. If the ratio of strain
hardening rate to the applied stress drops below a critical value, a material can be prone to flow
localization [161]. In both nanocrystalline metals and metallic glasses, the applied stresses are
extremely high and strain hardening is almost nonexistent, satisfying these conditions. In addition,
both classes of materials are unable to store large numbers of dislocations and achieve large
uniform elongations. For a metallic glass, dislocations do not exist at all due to the lack of long
range crystalline order. For nanocrystalline metals, dislocations can carry some fraction of the
overall plastic strain but they are absorbed after traversing grains and leave no residual dislocation
density. In addition, the smallest nanocrystalline grains deform through direct rotation or sliding.
While the existence of shear banding in both materials and the similarities between their overall
mechanical behavior is important, the evolution of grain structure is our main finding in this paper.
Our observations of structural evolution inside of nanocrystalline shear bands show that
intense strain localization leads to (1) grain growth and (2) the formation of a shear texture. The
first type of evolution can be understood as the material being driven closer to an equilibrium state
by high stresses during deformation. Atoms in the grain boundaries are defects and exist in a
higher energy state than atoms found in the grain interiors. Grain growth reduces the volume
fraction of material located inside of grain boundaries, although the extent of grain growth will be
a complex convolution of effects relating to the active deformation mechanisms and the driving
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force for growth. For a starting grain size of 5 nm, plasticity should be dominated by grain rotation
and sliding, as well as grain boundary migration [16,24,162]. These mechanisms are able to
efficiently coarsen grain structures, with grain rotation capable of causing grain coalescence
[163,164] and boundary migration directly increasing the size of one grain at the expense of
another. Rupert[56] used MD simulations to demonstrate that such mechanisms can cause grain
growth during strain localization in polycrystalline nanowires with grain sizes similar to those
studied here. However, as grains grow, there will be a gradual shift toward dislocation-based
plasticity. Vo et al. [165] found that dislocation-based plasticity become the majority carrier of
plastic strain as grains become larger than ~10 nm. Therefore, the grain growth will effectively
shut itself off once grains are too large for collective grain boundary mechanisms to dominate
plasticity. This idea is supported by our observation that the maximum grain size stayed below 20
nm in both nanoindentation and microcompression experiments. Another contributing factor
could be supersaturation of the grain boundaries. Previous work by Detor and Schuh [15]
demonstrated that only ~17-18 at.% W is enough to stabilize a d = 8 nm microstructure in
nanocrystalline Ni-W, while our alloy here has 23 at.% W for this same grain size after coarsening.
Considering that the increase in grain size has decreased the volume fraction of grain boundaries,
and our careful examination of SAED patterns of shear bands shows no evidence of any second
phase segregation or formation of W particles [127], the concentration of W at the grain boundaries
should be even higher than the minimum value needed for thermal stability. With additional grain
boundary doping, there will be a further decrease in the grain boundary energy, reducing the
driving force for coarsening of the nanocrystalline structure.
Microstructural evolution toward a lower energy state is also observed in metallic glasses,
where nanocrystalline structures are sometimes found inside or in the vicinity of shear bands [166].
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For example, Jiang et al. [49,167] and Kim et al. [168] saw that small crystallites nucleated in
indented regions of Al- and Zr-based bulk metallic glasses, respectively. Zheng et al. [169] also
observed shear bands with nanocrystals inside of a MgCuGd metallic glass consolidated with high
pressure torsion (HPT), where a material is deformed in a torsional mode while under a confining
pressure. During shear banding, the atoms which were originally in an amorphous configuration
have the ability to settle into a crystalline state. Most studies suggest that this evolution process is
related to the creation of excess free volume, enhanced atomic shuffling, and high local strain rates
inside of the shear bands [166,167,170]. However, other authors have found that local temperature
rise inside of shear bands can cause crystallization, and this temperature rise is often accompanied
by the formation of vein patterns or liquid like droplets [171,172] on the surface of the sheared
specimen. Evolution driven by local temperature fluctuations will also result in diffuse shear
bands, with gradual structural evolution as one moves away from the band [166]. However, our
experimental observations suggest that such local temperature rise is not a contributing factor to
the structural evolution in nanocrystalline Ni-W. SEM images of the failure surfaces from the
microcompression samples showed no vein patterns and the slip surfaces resembled a clean
fracture. In addition, our TEM images showed shear bands with well-defined edges and no
gradient in the microstructure was found in the vicinity of the shear bands. As such, it appears that
our evolution is purely driven by mechanical stresses.
The observation of texture formation can be explained by a shift to dislocation-based
mechanism through a combination of grain growth and high plastic strains. Previous studies
[173,174] have shown that plasticity due to grain boundary sliding and grain rotation randomizes
texture, similar to observations of superplastic behavior in nanocrystalline metals [175]. However,
once grains get larger than ~10 nm [165], plasticity is dominated by dislocation glide, which has
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been shown to induce preferred orientation (see, e.g., the formation of simple shear texture in
nanocrystalline Ni [176]). The dominant deformation mechanism is also a function of plastic
strain, with higher plastic strains increasing the importance of dislocation-based mechanisms
[165]. This concept is supported by literature data from processing experiments. For example,
Ivanisenko et al.[173] employed HPT on a nanocrystalline Pd and found that extremely high shear
strains of 124 can result in grain growth and texture formation. However, Markmann et al. [174]
showed that cold rolling of a similar nanocrystalline Pd to much lower plastic strain values does
not cause any texture formation.

Skrotzki et al. [177] studied the effect of severe plastic

deformation on the texture of nanocrystalline Pd-Au more systematically, finding that a random
texture was observed at low applied strains. This was then replaced by a “brass-type” shear texture
once the applied shear strain exceeded 1.
The effect of the overall stress state can be understood by comparing the results of the
microcompression with those of the nanoindentation. While a microcompression experiment
applies a simple uniaxial stress to the micropillar, the indentation stress state is much more
complicated under the indenter tip, having a combination of hydrostatic and deviatoric stress
components. In addition, the stress-strain curve for microcompression shows that the only
deviation from elasticity is discrete plastic deformation through shear banding. As mentioned in
the Results section, there is a combination of homogeneous plasticity and shear banding in the case
of our nanoindentation experiments. We find that the nanoindentation curve is smooth with just
less than 10 displacement bursts caused by shear bands, each only ~10-15 nm in length. Additional
experiments with even lower strain rates and higher data acquisition rates, which should make it
easier to activate and identify shear bands, also showed the same behavior. If shear banding was
the only contributor to plastic deformation, subtracting the pop-in displacements from the load-
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displacement curve would give a loading curve that is predicted by Hertzian elasticity theory and
negligible residual indentation depth after unloading.

This is clearly not the case for our

experiments on Ni-W, as a large plastic impression is left on the surface even through shear
banding should only contribute ~100 nm of plastic depth.
Shear banding in nanoindentation experiments, in contrast to microcompression, cannot be
responsible for all of the plastic deformation. Therefore, homogenous plasticity outside of the
shear bands must have occurred during nanoindentation. However, by looking at the grain size
distribution outside of the shear bands but within the plastic zone of the indentation, we find that
homogenous plasticity does not drive structural evolution, as the average grain size and even the
details of the grain size distribution are identical to the as-deposited microstructure.

This

observation contrasts with previous observations of pure nanocrystalline metals, which experience
grain growth during the early stages of plasticity in uniaxial tension experiments [84]. Doping of
grain boundaries with W makes the microstructure stable against coarsening at small plastic
strains, analogous to the increase in thermal stability, but this structural stability can be overcome
when intense shear localization occurs. These results suggest that the microstructure of even
thermally-stable nanocrystalline FCC alloys should be considered dynamic, if extreme
deformation conditions such as catastrophic shear banding can be accessed.

3.5 Conclusion
To summarize, the effects of shear banding on local grain structure were studied in a
nanocrystalline Ni-W alloy with an as-deposited grain size of 5 nm.

Microcompression

experiments as well as nanoindentation tests were used to study the effects of different stress fields
and deformation boundary conditions. Evidence of significant grain growth and texturing as a

59

result of strain localization was found inside of the shear bands. A degree of mechanically-induced
grain growth was observed for both testing conditions, suggesting an inherent limit on this
coarsening behavior that depends on multiple factors such as the dominant deformation physics
and the driving force for grain growth, both of which change with grain size. Our results showed
that the nanocrystalline Ni-W can be susceptible to grain growth only when extreme values of
shear strain are applied, and suggest that this is a purely stress-driven process and not caused by
local heating inside the shear bands.
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Chapter 4 : Design of failure resistant nanocrystalline Cu-Zr by complexion
engineering
4.1 Introduction
In Chapters 2 and 3, we saw that an ordered and relaxed grain boundary structure has
detrimental effect on the failure behavior of nanocrystalline Ni-W. Therefore, a more disordered
grain boundary structure should be advantageous for properties such as ductility and toughness.
The extreme of grain boundary disordering is an amorphous grain boundary or Dillon-Harmer type
V complexion. Therefore, it is expected that amorphous grain boundaries to improve failure
resistant properties of nanocrystalline metals.

In this chapter, we report on a strategy for

combining the concepts of nanostructuring and complexion engineering, to enable a new class of
materials: nanomaterials with tunable grain boundary structure. To date, complexions have been
studied and utilized predominantly in either coarse-grained polycrystalline materials or simple
bicrystal samples. We begin by developing a processing route for making such materials, with an
eye on techniques that are flexible enough to create a wide variety of chemistries while also
scalable so that they can eventually be used to produce bulk quantities of material. Since AIFs are
extreme complexions, with unique structure and properties, we focus on inducing and
characterizing these features in a nanoscale grain structure. Then, the mechanical properties of the
alloy are probed, to demonstrate the clear advantage of this new materials design strategy.
Specifically, we find that the ductility and toughness of nanostructured metals can be greatly
improved using complexion engineering without sacrificing any strength, breaking the paradigm
of a direct strength-ductility trade-off that has dominated prior observations.
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4.2 Materials and methods
Materials selection
Cu-based alloys were selected for this investigation, as Cu is a common face-centered cubic
material and our findings should be broadly applicable to many other structural metals. In addition,
the deformation physics and properties of pure nanocrystalline Cu have been well-studied, giving
reference points to compare against [16]. Since doping of the interfacial regions is required to
induce complexions, alloying elements which segregate to the grain boundaries are sought.
Empirical considerations such as large atomic size mismatch and limited solubility in the bulk can
give rough guidelines for dopant selection, while grain boundary segregation enthalpy calculations
give a more direct prediction of segregation tendency [88]. Since this study is concerned with
mechanical behavior, embrittlement is to be avoided and there is a need to preserve metallic
bonding at the interfaces. Non-metals or poor metals such as Bi and Pb are eliminated from
consideration.

Finally, thermodynamic modeling tools developed by Luo and coworkers

[119,178] suggest that AIFs will form if the total energy of an amorphous layer with finite
thickness and two new amorphous-crystalline interfaces (i.e., the entire complexion) is lower than
the energy associated with the interface between two crystalline phases (i.e., the original grain
boundary). This means that alloy combinations that have a low volumetric free energy penalty for
a liquid-like structure and can easily form amorphous solids are promising for the formation of
AIFs. With all of these considerations in mind, Zr was chosen as our alloying element, since it
will segregate to the grain boundaries [88], is a transition metal, and binary Cu-Zr alloys have a
high glass-forming ability [179].
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Materials processing
Nanocrystalline Cu and Cu-3 atomic % Zr powders were produced from -170+400 mesh
Cu powder and -50 mesh Zr powder using mechanical alloying. Cu powders with 99.9% purity
and Zr powders with 99.7% purity were obtained from Alfa Aesar and Micron Metals,
respectively. Mechanical alloying of the powders was performed with a SPEX 8000M mixer/mill
equipped with a hardened steel vial and milling media. A ball-to-powder ratio of 10:1 was chosen,
and 1 weight % stearic acid was added as a process control agent to minimize cold welding. The
milling was performed inside of a glove box under a 99.999% pure Ar atmosphere, to avoid
oxidation of the powders. Both pure and alloyed Cu powders were annealed in vacuum sealed
quartz tubes at 950 °C inside a tube furnace for 1 h and quenched rapidly in water (within ~1 s).
In addition, a control sample from the Cu-Zr alloy was air-cooled to study the effect of cooling
rate on the microstructure. The furnace temperature was stable to within ±1 °C, ensuring that the
annealing temperature never approached or exceeded the solidus temperature (972 °C). The phase
content of the powder samples was measured using a Rigaku Ultima III X-ray diffractometer
equipped with a Cu Kα radiation source operating at 40 kV. The powder samples were mounted
in a conductive epoxy and mechanically polished to a mirror finish for further characterization.

Electron microscopy and characterization
TEM samples were prepared from individual powder particles using a FEI Quanta 3D dual
beam SEM and focused ion beam (FIB) microscope. The TEM samples were polished with a 5
kV Ga+ ion beam to remove and minimize any damaged layer from the TEM sample preparation
procedure. SEM imaging was performed with the same instrument operating at 5 kV. Ewas done
at 20 kV in the same microscope to probe for iron contamination and inhomogeneity in the sample
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at the micron scale. TEM bright field images were taken using a FEI/Philips CM-20 TEM
operating at 200 kV. The mean grain size for each sample was calculated by manually tracing and
measuring the area of at least 100 grains and calculating the equivalent circular diameters. A
Fresnel fringe imaging technique was used to identify grain boundary films, as local differences
in atomic density or composition lead to such fringes at interfaces in under- or over focused
conditions [180]. Once interfacial films were found, high resolution TEM was used for thickness
measurement, as direct measurements of thickness using Fresnel fringes have been shown to be
unreliable [181]. High resolution, phase contrast TEM images were taken using a FEI Titan TEM
operating at 300 kV. Scanning TEM imaging and Energy-dispersive X-ray spectroscopy (EDS)
were performed with the same instrument operating at 80 kV.

Mechanical testing: Microcompression and bending
At least five micropillars with diameter and length of 5 ± 0.1 µm and 16 ± 0.2 µm,
respectively, were fabricated using FIB lathe milling on individual powder particles following the
method of Uchic and Dimiduk [70]. This technique produced taper-free pillars so that a uniform
stress state can be induced. The pillar diameters were >100 times the average grain size, ensuring
that the measured response would be representative of “bulk” response and not external size effects
[182]. The uniaxial microcompression test was performed with an Agilent G200 nanoindenter
using a flat triangular diamond tip and a constant displacement rate of 5 nm/s, giving an
engineering strain rate of 3.1 × 10-4 s-1. The load-displacement data was converted to engineering
stress-strain using the initial length and diameter of the pillars measured with SEM. Yield
strengths, σy, were calculated based on a 0.7% plastic strain offset, following the work of
Brandstetter et al. [141].
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Microbeam bending experiments were performed inside the dual beam FIB/SEM
microscope using an Omniprobe micro-manipulator. At least three micropillars were tested in
bending by pushing the top of the pillars at a speed of 0.1 µm/s. This testing methodology results
in uniaxial strain, ε, at the bottom of the pillars, with tension on one side and compression on the
other. The basic geometry of the deformed base resembles a simple beam bending problem, where
there is a neutral axis with zero strain and the distance from that neutral axis can be combined with
the radius of curvature of the beam to calculate axial strain. To measure the bending strain in each
pillar, first we fit a circle with radius, R, to the curvature of the neutral axis and then we fit another
circle, with another radius, R+x, to the outside edge of the micropillar. This process is shown in
Fig 4.1. Since the measurements are taken after the loading is removed, relieving any elastic
deformation, any strain measured is plastic strain and the plastic strain at failure is calculated as

εfailure = x / R.

Figure 4.1 Calculation of bending strain after an in-situ bending experiment. The green circle with radius R
is fitted to the curvature of neutral axis, and the red circle with radius of R+x is fitted to the curvature of the
edge of the micropillar. The image was taken at a 60° tilt, and the circles are scaled to account for this effect.
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4.3 Results and discussion
Mechanical alloying with a high-energy ball mill produces powders with particle sizes of
micron-scale diameter, with each particle containing many individual nanometer-scale grains.
This technique can make nanostructured powders with a wide variety of chemical compositions
and scale-up to bulk parts through powder metallurgy techniques is a possibility [78]. As a control,
unalloyed nanocrystalline Cu with d = 30 nm was first produced, as shown in Fig. 4.2(a) and (d).
A Cu-3 atomic % Zr alloy was then created, as full segregation of this amount of Zr to the interfaces
will put the grain boundary composition into the glass forming range for Cu-Zr metallic glasses
[183]. In the as-milled state, the alloy sample also has d = 30 nm (Fig. 4.2(e)). The bottom frame
of Fig. 1E presents a compositional line scan through the as-milled Cu-Zr alloy, showing that Zr
is found throughout the sample, in both crystal interior and grain boundary regions (Fig. 4.2(b)).
Three grain boundaries are labeled in this Figure with black arrows. A small amount of grain
boundary segregation is occasionally found even in the as-milled sample, as shown by the slightly
elevated Zr concentration at the first boundary noted, but significant amounts of Zr were inside of
the grains as well. As Zr has negligible (~0.12 atomic % [184]) solubility in the Cu lattice
according to the bulk phase diagram, this structure is a supersaturated solid solution. To induce
segregation, the powders were sealed under vacuum in quartz tubes to avoid oxidation and then
annealed at 950 °C for 1 h. This temperature is extremely high for Cu and Cu-Zr alloys, being
~90% of the melting temperature of pure Cu and ~98% of the solidus temperature (where the
material begins to melt) of Cu-3 atomic % Zr [184]. During annealing, Zr diffuses to the grain
boundaries, as shown by the compositional line scan in Fig. 4.2(f), where two obvious examples
of grain boundaries are labeled. Grain interiors are depleted of Zr after annealing, while the
interfacial regions show intense Zr enrichment (Fig. 4.2(c)). Additional evidence of Zr grain
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boundary segregation was found by using high angle annular dark field TEM imaging. Figure 4.3
shows a high angle annular dark field (HAADF) STEM image of the nanocrystalline Cu-3 atomic
% Zr annealed at 950°C and rapidly quenched, showing segregation of Zr to the grain boundaries.
The Cu-Zr alloy experiences very little grain growth, only coarsening to an average grain
size of 45 nm (Fig. 4.2(f)), due to a reduction in grain boundary energy with Zr segregation[185],
while the grain size of a pure Cu sample annealed under the same conditions coarsens to the micron
range. Although not the explicit focus of this study, the observed thermal stability at such a high
temperature suggests that this material can be consolidated into bulk pieces [78].

Figure 4.2 Alloy design strategy for adding segregating dopants. Pure Cu (a) can be converted to an alloy by
adding Zr during ball milling (b). While the Zr is mixed throughout the grain structure, annealing treatments
can then be used to induce preferential Zr segregation to the grain boundaries (c). Both the (d) pure Cu and
(e) Cu-Zr as-milled samples have an average grain size of 30 nm. Annealing the Cu-Zr sample at 950 °C for 1
h allows for segregation and only causes coarsening to a grain size of 45 nm (f)
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The high temperature annealing treatment used to induce Zr segregation is also useful for
promoting AIF formation. Shi and Luo [119] recently developed interfacial thermodynamic
models and grain boundary diagrams, showing that higher temperatures usually promote thicker
AIFs. A set of annealed Cu-Zr powders were quickly quenched by dropping into a large water
bath in less than 1 s, freezing in any structures which are in equilibrium at 950 °C. Fresnel fringe
imaging [180] was used to identify interfacial films, followed by high resolution TEM for detailed
characterization of grain boundary structure and measurement of AIF thickness. A representative
example of an AIF is presented in Fig. 4.4(a). The areas in the bottom left and top right of Fig.
4.4(a) are crystalline, as shown by the presence of lattice fringes in the image as well as sharp spots
in the fast Fourier transform patterns, which denote periodic order associated with the lattice. In
contrast, the region at the interface, between the two dashed lines, is amorphous and disordered
with a thickness of 5.7 nm. The fast Fourier transform pattern shows no sign of long-range
crystalline order in this case and is completely featureless.

Figure 4.3 HAADF STEM image of nanocrystalline Cu-3 atomic % Zr heat treated to 950 °C and rapidly
quenched. Brighter regions have higher concentration of Zr, with a few examples denoted by red arrows
showing obvious Zr segregation at the grain boundaries.
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To ensure that the observed AIFs were truly complexions, driven by alloy thermodynamics
with a combination of grain boundary dopants and elevated temperatures required, and did not
form through another process such as solid-state amorphization which is purely driven by local
composition, another set of powders was annealed at 950 °C and then slowly cooled back to room
temperature over a period of ~5 minutes, or ~300 times longer than the quenched sample. Such a
cooling schedule gives a sample with interfaces that are in equilibrium at ambient temperatures.
No AIFs were observed in this specimen and all interfaces studied were ordered, with a
representative example shown in Fig. 4.4(b). Crystalline order is present all of the way up to the
boundary. Although the boundaries were still heavily-doped with Zr, the lack of AIFs proves that
the amorphous structure shown in Fig. 4.4(a) is only in equilibrium at high temperature, in line
with thermodynamic theories of disordered complexions.
Additional examples of AIFs from the quenched Cu-Zr sample are shown in Fig. 4.4(c)
and (d), with thicknesses of 2.2 nm and 1.3 nm, respectively. Twenty-eight AIFs were studied
with high resolution TEM, with a distribution of measured AIF thicknesses shown in Fig. 4.4(e).
In addition, a number of ordered grain boundaries were observed in this sample as well. As a
whole, this means that not all grain boundaries have the same structure in the quenched Cu-Zr
alloy, but rather there is a distribution of complexion types. Possible explanations for these
variations include differences in grain boundary energy, local segregation state, or slight
differences in local cooling rates during quenching. The existence of amorphous structures below
the solidus temperature of the alloy suggests that these features are stable AIFs with thicknesses
determined by a combination of local grain boundary chemical composition and high temperature
(type V), although some of the thicker AIFs could actually be wetting films (type VI). Even though
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the annealing temperature was below the solidus temperature for Cu-3 atomic % Zr, it was above
the eutectic temperature, the lowest possible melting temperature over all mixing ratios, which
occurs at higher Zr concentrations. It is possible that some boundaries have higher levels of Zr
segregation and move into a different region of the phase diagram where wetting films can form
at 950 °C. However, previous observations of complexions in Al2O3 showed that film thickness
changes significantly along individual wetting films [186]. In contrast, each individual boundary
studied here showed no measureable variation in thickness. In addition, wetting films are often
much thicker (at least 10 nm thick) than the films observed here. Although there is some
uncertainty about the complexion type of each individual AIF, the existence of many nanometerthick amorphous interfacial structures is clear.
To demonstrate the potential utility of the material described in this report, a nanostructured
metal with disordered amorphous grain boundaries, we turn our attention to mechanical behavior.
Nanocrystalline metals have very high strengths, but are generally also very brittle and exhibit
little ductility, with elongations or strain-to-failure values of only a few percent typically reported
[3,187]. This brittle nature often restricts the usage of nanocrystalline materials in technological
applications. The high strength comes from the fact that traditional, intergranular dislocation
plasticity mechanisms are shut off at these extremely fine crystallite sizes, requiring dislocations
to be nucleated at an interface, propagate across the nanograin, and then be absorbed at the opposite
grain boundary. The repeated dislocation absorption required for such a physical mechanism may
be the cause of the brittle nature of nanocrystalline metals, as atomistic simulations show that a
single absorption event leads to high local stresses at the grain boundary [188] while multiple
absorption events result in crack nucleation [189]. Such a hypothesis is supported by in situ TEM
deformation studies, which show that nanometer size cracks nucleate at grain boundary sites
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during plastic deformation [145]. As a result, damage tolerant grain boundaries should be the key
to designing ductile nanocrystalline metals, making control of grain boundary structure a priority.

Figure 4.4 High resolution TEM images of grain boundary structure in nanocrystalline Cu-Zr alloys. (a) An
AIF with thickness of 5.7 nm was observed at a grain boundary after quickly quenching from 950 °C. In
contrast, grain boundaries in a slowly cooled sample, with structures that are in equilibrium near ambient
temperatures, are all ordered interfaces (b). Insets are fast Fourier transform patterns, highlighting the
disordered nature of the interface in (a). (c and d) present additional examples of amorphous complexions in
the quenched sample, while (e) summarizes the measurements from the 28 interfacial films found here.

Small cylindrical specimens were created in the powder particles using a Focused Ion
Beam (FIB) microscope, then tested in compression and bending modes, to quantify strength and
strain-to-failure, respectively. Representative examples from each test for pure nanocrystalline Cu
are shown in Fig. 4.5(a) and (c), demonstrating the typical response of a nanocrystalline metal to
which we can then compare our Cu-Zr results. Fig. 4.5(a) shows that pure Cu has a high yield
strength of 740 MPa but the pillar cracks and fails, resembling the failure of a brittle ceramic. Fig.
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4.5(b) and (c) shows this same brittle response during bending, where a crack forms early during
the experiment and there is little plastic strain built up at the base of the pillar, from which strainto-failure can be estimated as 4.4%. This low value is nearly identical to a previous report for
nanocrystalline Cu, produced by a different method and tested in tension, that had a similar grain
size and yield strength [190]. Representative examples for each test from our Cu-Zr alloy with
AIFs are shown in Fig. 4.5(g) and (i), providing evidence of a strong yet ductile response. Fig.
4.5(g) shows that the Cu-Zr with AIFs is even stronger than the pure Cu, having a yield strength
of 1086 MPa, but more importantly the pillar compresses in a stable, homogeneous fashion. Fig.
4.5(h) shows that the pillar is ductile during the bending experiment as well and a strain-to-failure
of 56% was measured for these alloys, more than ten times larger than the pure Cu value. A
magnified view of the pillar base is presented in Fig. 4.5(i), showing that extensive plasticity has
occurred and that, even at this large plastic strain, there are only small, unconnected cracks instead
of a crack completely across the surface, suggesting that this strain-to-failure value may even be
slightly conservative for this alloy. To highlight the importance of AIFs for the observed behavior,
mechanical tests were also performed on the Cu-Zr sample that was slowly cooled in order to have
ordered grain boundaries. These results, presented in Fig. 4.5(d) and (f), demonstrate that this
alloy is brittle as well, mimicking the pure Cu sample by crumbling in compression and failing at
a small strain in bending. Since the only difference between the Cu-Zr samples is the grain
boundary structure, with grain size and Zr segregation state identical for both samples, the
increased ductility of the Cu-Zr with AIFs can be attributed to the addition of amorphous interfacial
films alone. Stress-strain curves for all three samples are presented in Fig 4.6.
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Figure 4.5 Mechanical testing results from nanocrystalline Cu and Cu-Zr samples. Failed micropillars after
compression, as well as yield strength measurements, are shown for (a) pure Cu with ordered interfaces, (d)
Cu-Zr with ordered interfaces, and (g) Cu-Zr with AIFs. Failed micropillars after bending, as well as
elongation-to-failure measurements, are shown for (b and c) pure Cu with ordered interfaces, (e and f) Cu-Zr
with ordered interfaces, and (h and i) Cu-Zr with AIFs. A nanocrystalline alloy with AIFs can be both stronger
and more ductile than its traditional, pure metal counterpart.
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Figure 4.6 Microcompression testing results. Stress-strain curves for (A) pure Cu, (B) Cu-Zr with ordered
grain boundaries, and (C) Cu-Zr with AIFs. These experiments provide information about the yield strength
of each material.

Our results agrees with the molecular dynamic simulation study by Pan and Rupert who
explored the mechanics of this problem systematically in a recent paper, finding that crack
nucleation as well as crack growth rate is suppressed as AIF thickness increases [191]. Brandl et
al. even showed that an AIF can exert attractive forces on nearby dislocations since it is elastically
softer than the crystalline lattice, pulling dislocations towards the interface where they can then be
absorbed [192]. Experiments on crystalline-amorphous nanocomposite films support this concept
as well, as the addition of a thin amorphous layer was found to improve strain-to-failure when
compared to films with only a crystalline phase [124]. Although the nanocomposites outperform
the crystalline films, the strain-to-failure values were only ~12% (much lower than the values
reported here), likely because the AIFs were only added in one direction of the film. In contrast,
our materials have a fully three-dimensional grain boundary network decorated with AIFs. In our
case, by adding amorphous interfacial features, it is possible to have the strength characteristic of
a nanocrystalline metal without the typical low ductility (Fig. 4.7(a)). In fact, the ductility of a
nanocrystalline metal with AIFs (Fig. 4.7(b)) resembles the ductility of a coarse-grained metal
(Fig. 4.7(c)).
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Figure 4.7 Micro beam bending of (a) nanocrystalline Cu (b) nanocrystalline Cu-Zr with AIFs, and (c) coarsegrained Cu.

A compilation of data from the literature for Cu and Cu alloys is presented in Fig 4.8, where
elongation-to-failure is plotted as a function of yield strength. The properties of traditional Cu,
both microcrystalline and nanocrystalline, fall within the grey envelop, demonstrating a clear
trade-off between strength and ductility. Advanced alloys, such as Cu with a bimodal grain
structure (micron-scale grains embedded in a matrix of nanocrystalline grains) and nanotwinned
Cu, push beyond this and demonstrate improved combinations of these properties. The Cu and
Cu-Zr alloys described in this paper are shown as red points on the plot. The pure Cu sample
exhibits classical behavior and falls within the grey envelop, with a high strength (740 MPa) but a
low elongation-to-failure (4.4%).

The almost perfect agreement of these values with the

measurements of Wang et al. [190], taken from nanocrystalline Cu with the same grain size
produced by surface mechanical attrition, speaks to the robust nature of our measurement
techniques. Alternatively, the Cu-Zr with AIFs breaks the traditional paradigm. It is both stronger
and more ductile than the pure Cu sample, showing that control of grain boundary structure is a
promising pathway for the design of optimized structural materials.
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Figure 4.8 Elongation-to-Failure and Yield Strength for Cu and Cu-based alloys. The vast majority of data
falls within the grey envelop, with recent advanced alloys pushing outside this limit. Our Cu-Zr alloy breaks
the expected trend, with both higher strength and ductility than the pure Cu sample. Literature data is taken
from [43,44,152,187,190,193,194].

The observation of high strength with large ductility fits a recent narrative that
nanocrystalline materials are intrinsically ductile on the nanoscale [195], but suffer from premature
failure due to strain localization or cracking [196]. If this premature failure can be suppressed,
then the traditional trade-off between strength and ductility can be avoided.

One recently

developed path for suppression of this premature failure is to incorporate nanocrystalline metals
as the outer layer in a gradient architecture, where grain size changes continuously from
nanometers to microns to avoid early plastic necking [175,197]. The results presented here for
Cu-Zr alloys created by a unique processing route can be interpreted as another example of this
design strategy, with an explicit focus on resisting crack nucleation and growth through the
introduction of grain boundary complexions. A strength-ductility synergy is achieved and our
materials outperform traditional metals.
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4.4 Conclusion
Our study shows that the previously separate techniques of nanostructuring and
complexion engineering can be combined in a complementary manner, introducing a new feature
into the design toolbox of materials scientists: grain boundary structure. Unique Cu-Zr alloys are
reported, created through powder metallurgy techniques, with AIFs “frozen” into the interfaces as
a result of Zr segregation and rapid quenching from high temperature aging treatments. These new
materials demonstrate a combination of strength and ductility that is not found in traditional Cu
alloys, behavior that can be attributed directly to the fracture resistance of AIFs. However, it is
important to note that mechanical behavior is one of many places where the materials described
here may be useful. Even if only focusing on nanocrystalline metals with amorphous complexions,
we envision materials that can be rapidly consolidated due to faster diffusion along AIFs or that
are more tolerant to radiation damage with AIFs acting as sinks for residual point defects.
Amorphous interfaces could also act as fast transport paths for energy or electronic applications.
We suggest that the introduction of nanocrystalline materials with designed grain boundary
structures will dramatically broaden the suite of material properties that can be achieved.
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Chapter 5 : High-temperature stability and grain boundary complexion
formation in a nanocrystalline Cu-Zr alloy
5.1 Introduction
We saw in the previous chapter that grain boundary complexions have the potential to
dramatically alter the behavior of nanocrystalline materials, and could be formed when high levels
of grain boundary doping are present and elevated temperatures are experienced. Consequently,
complexions may alter the thermal stability of these materials as well. To date, little attention has
been given to grain boundary complexion formation and structural transitions in doped
nanocrystalline metals. In this study, we report on the annealing of a nanocrystalline Cu-Zr alloy
created by high-energy ball milling, with a focus on studying the segregation of dopants to grain
boundaries and the formation of complexions as a function of temperature. Our results indicate
thermal stability in nanocrystalline samples annealed at temperatures as high as 98% of the solidus
temperature for a period of 1 week. Upon closer inspection, grain boundary complexions were
observed, with the level of interfacial disorder and grain boundary thickness increasing as
temperature increased.

5.2 Materials and Methods
Nanocrystalline Cu-3 at.% Zr alloy powders were produced using a SPEX 8000M highenergy ball mill. Cu was chosen as the base element since nanocrystalline Cu systems have been
studied extensively in the literature.[78] Zr was then picked as the doping element for several
reasons. Cu and Zr have a large atomic size mismatch and different crystal structures, so Zr has a
high tendency to segregate to the grain boundaries in this mixture. Such behavior is also predicted
by the fact that Zr has very limited solid solubility in Cu, only 0.12 at.% at the eutectic temperature.
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Furthermore, Cu and Zr have been shown to have good glass forming ability, giving the possibility
of AIF formation.[198,199]
A 99.99% pure and -170+400 mesh Cu powder from Alfa Aesar was mixed with a 99.7%
pure and -50 mesh Zr powder from Micron Metals in a hardened steel vial. The ball milling
machine was placed inside of a glove box in an Ar atmosphere to avoid oxidation. Stearic acid in
the amount of 1 wt.% was added to the mixture as a process control agent to prevent cold welding.
The powder mixture was milled for 10 h with a ball-to-powder ratio of 10:1. To prepare the
samples for heat treatment, each powdered sample was sealed under vacuum in a high purity quartz
tube. Annealing treatments were performed with a vertical tube furnace and the samples were
quickly quenched by dropping into a water bath in less than 1 s, in order to preserve any high
temperature interfacial structures. Samples were annealed at 550 °C, 750 °C, 850 °C, and 950 °C.
Three samples were made at each temperature by annealing for 1 h, 24 h (1 day) and 168 h (1
week). All the samples were analyzed with X-ray diffraction (XRD) before and after annealing
using a Rigaku Ultima III diffractometer with a D/teX Ultra 250 1D detector for grain size
measurement and phase identification. XRD grain size was measured using the (111) peak of Cu
and the Scherrer equation.[133] An error bar of ±15% has been added to the measured XRD grain
size of each sample to account for uncertainties that results from theoretical assumptions.[200]
Each powder sample was then mounted, without compaction, using a cold conductive epoxy
system on a standard SEM stub and polished to a mirror surface finish.
TEM samples were made from individual powder particles with a focused ion beam using
a FEI dual beam Quanta3D microscope. Each TEM sample was polished with a 5 kV Ga+ ion
beam to reduce the beam damage. Bright field and dark field TEM images, as well as selected
area electron diffraction (SAED) patterns, were taken using a Philips CM-20 operating at 200 kV.
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Average grain sizes from TEM were found by measuring at least 100 grains and taking the
equivalent circular diameter. EDS and scanning TEM imaging were performed using an FEI Titan
operating at 80 kV, while high resolution TEM imaging was carried out with the same instrument
at 300 kV. Fresnel fringe imaging was employed to find grain boundary films and identify edgeon grain boundaries.[181]

Finally, hardness measurements were obtained with an Agilent

nanoindenter equipped with a Berkovich tip. A constant loading rate of 1 mN/s and an indentation
depth of 400 nm were employed. At least 20 measurements were taken for each sample and
annealing condition.

5.3 Microstructure characterization
Grain size and grain boundary segregation
The XRD grain sizes of the annealed samples are shown in Fig. 5.1 as a function of
annealing time. The grain size of the as-milled sample (18 nm) is also plotted as a straight orange
line for reference in the same Figure, with error bars denoted by orange shading. Small increases
in the average grain size are found after annealing the samples for 1 h at 550 °C, 750 °C, and 850
°C, followed by slow but constant growth at longer times. Even after annealing these samples for
a period of 1 week, the grain sizes remain below 35 nm. Elemental Cu has a relatively low melting
temperature of 1084 °C, but the solidus temperature where Cu-3 at.% Zr begins to melt is even
lower at 972 °C. Therefore, annealing temperatures of 550 °C, 750 °C, and 850 °C are high for
this alloy, being 66%, 82%, and 90% of the solidus temperature, respectively. Increasing the
annealing temperature to 950 °C, or 98% of the solidus temperature, leads to higher levels of grain
growth compared to the other annealing conditions.

However, the material remains

nanocrystalline even after annealing for a period of 1 week, with an average size of ~54 nm.
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Figure 5.11 XRD grain size for the as-milled Cu-Zr sample as well as samples annealed at different
temperatures. A ±15% error bar was applied to all the measured grain sizes to account for measurement
inaccuracies due to theoretical and instrumental limitations.

To confirm the trend observed with XRD, TEM analysis was also performed. Fig. 5.2
shows bright field TEM images of the samples annealed for 1 h. All of the samples have equiaxed
grain structures and no abnormal grain growth was detected. The insets in the Figure show SAED
patterns for each sample. Cu FCC rings are clearly visible with the addition of faint rings of a
second phase, most easily seen inside of the (111) Cu diffraction ring. Further analysis showed
that ZrC particles are formed during annealing, which will be discussed in more detail in Section
3.3. To compare the XRD and TEM grain sizes, cumulative distribution functions of grain size
are plotted in Fig. 5.3. XRD gives a slightly smaller grain size measurement in each case, likely
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as a result of neglecting microstrain in the Scherrer equation [133]. However, a similar trend in
grain growth is observed by both characterization methods and the samples remain nanocrystalline.

Figure 5.12 Bright field TEM image of Cu-3 at.% Zr annealed at (a) 550 °C, (b) 750 °C, (c) 850 °C, and (d) 950
°C. The inset in each Fig is the SAED pattern for that sample.

To understand the cause of the thermal stability of this alloy, EDS line profile analysis
using scanning TEM was conducted to probe the Zr distribution within the microstructure, as
shown in Figs. 5.4 and 5.5. Care was taken to make sure the concentration profiles were taken
only from the FCC phase and not influenced by any ZrC particles in the microstructure. Interaction
of the electron beam with the ZrC particles results in a sharp increase in the Zr concentration to
82

greater than 40 at.%, which was not observed here. The EDS data presented here should be
considered semi-quantitative, not an exact measure of concentration at a point. As opposed to
microcrystalline samples, EDS data obtained from nanocrystalline TEM samples may contain
information from more than one grain through the thickness of the sample. The beam interaction
volume may also lead to some slight spatial averaging on a nanometer scale.

Figure 5.13 Grain size distribution in the as-milled sample as well as samples annealed for 1 h at different
temperatures. All the samples show a narrow grain size distribution, with the ratio of the standard deviation
to the average being relatively constant.

Fig. 5.4(a) shows a scanning TEM image and line profile scan of the sample annealed at
550 °C for 1 h. The concentration of Zr in this sample reaches maximas of about ~5-6 at.%, and
a section of the profile is magnified directly below. The fluctuation of the Zr content in the sample
roughly matches the observed grain size, and the locations of two obvious grain boundaries are
labeled. The concentration of Zr reaches zero at several points, a sign that some local regions are
depleted of Zr, but grain interiors are still doped. A similar behavior is observed when increasing
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the annealing temperature to 750 °C, with one noticeable difference being the higher amplitude of
Zr peaks to maximas of ~7-8 at.% (Fig. 5.4(b)). In addition, some large areas are fully depleted
of Zr, providing evidence of full segregation at the grain boundaries.

Previous works on

characterization of solute distribution in nanocrystalline W-Ti [79] and Ni-W [201] only showed
partial segregation of solutes in those systems, with crystal interiors that were still heavily doped.
Here, full segregation of Zr atoms to the grain boundaries of nanocrystalline Cu is observed for
annealing temperatures at and above 750 °C.

Figure 5.14 Scanning TEM images and EDS line profile scans of the samples annealed for 1 h at (a) 550 °C
and (b) 750 °C. A section of each profile from 0-250 nm was magnified and is shown directly below each Fig.
The locations of selected grain boundaries are marked with arrows.

Fig. 5.5 shows scanning TEM images and EDS line profile scans of the samples annealed
for 1 h at 850 °C and 950 °C. The concentration of segregated Zr at the grain boundaries slightly
increased to ~10 at.% in most cases and the spacing between the Zr peaks is also wider, showing
the effect of grain growth. The spacing between the maximums in the profile is closely related to
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the grain size of the samples. A high concentration of Zr was observed at some grain boundaries,
exceeding 20 at.% Zr in rare cases such as the example denoted by an arrow in Fig. 5.5(a). These
observations were not common but did occur occasionally, showing that some grain boundaries
may have been more heavily doped than average. Again, grain interiors appear to be depleted of
Zr.

Figure 5.15 Scanning TEM images and EDS line profile scans of the samples annealed for 1 h at (a) 850 °C
and (b) 950 °C. An example of unusually high concentration of Zr in part (a) is marked with an arrow.

Grain boundary structure
As discussed in the introduction, a combination of high segregation levels and high
temperature can lead to changes in grain boundary structure, namely transitions between different
complexion types. Fig. 5.6 shows high resolution TEM images of representative interfacial
structures for the samples annealed at 550 °C and 750 °C for 1 h. In both cases, the grain
boundaries are atomically sharp, with no obvious phase-like structure at the interface, and show a
low-energy configuration which is an ordered and continuous grain boundary structure that may
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contain a periodic dislocation array. The structure of the triple junction in Fig. 5.6(b) is another
example of ordered interfacial regions in these samples.

Figure 5.16 High resolution TEM image of interfaces in Cu-3 at.% Zr. (a) A low energy configuration at the
grain boundary in the sample annealed for 1 h at 550 °C. (b) A Fourier filtered high resolution TEM image of
a fully connected triple junction. (c) A fully connected grain boundary in the sample annealed for 1 h at 750
°C.

Increasing the annealing temperature to 850 °C and 950 °C, distinct grain boundary structures
begin to emerge. Fig. 5.7(a) shows a 2.6 nm thick AIF between two grains in the sample annealed
at 850 °C. Fig. 5.7(b) shows the existence of another AIF with sub-nanometer thickness (0.8 nm)

86

within the same sample. The thickness of these films is constant across a given grain boundary,
suggesting that they are in equilibrium with the abutting grains.
Fig. 5.7(c) shows a high resolution TEM image of a grain boundary in the sample annealed
at 950 °C. A relatively wide AIF with a thickness of 4.1 nm can be seen. Directly below this
Figure are the Fast Fourier Transform (FFT) images of the grain boundary and the two abutting
grains. The FFT of two grains show periodic spots around the center of the image, as expected
from crystalline grains. On the other hand, the FFT of the grain boundary film shows no features,
representative of a disordered amorphous layer. Fig. 5.7(d) shows another high resolution TEM
of an AIF for the 950 °C sample with a thickness of 2.9 nm. Again, the interface of this film with
the abutting grains is sharp and the thickness of this film does not change along the length of the
grain boundary. Overall, AIFs in the 950 °C sample with thicknesses ranging from 0.5 nm to 5.7
nm were observed. It is also noteworthy that AIFs were observed more frequently in the sample
annealed at 950 °C than the 850 °C sample. However, it is difficult to be quantitative about the
fraction in each case because not all grain boundaries in a given area of a TEM sample can be
adequately investigated with high resolution TEM, due to limitations on finding edge-on grain
boundaries.

87

Figure 5.17 High resolution TEM images of AIFs in samples annealed at 850 °C and 950 °C with thicknesses
of (a) 2.6 nm, (b) 0.8 nm, (c) 4.1 nm, and (d) 2.9 nm.
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Second phase precipitation
Precipitation of ZrC particles was detected after annealing the samples, as was shown in
the insets of Fig. 2. Initially, a small volume fraction of ZrH2 particles is detected from the XRD
pattern in the as-milled sample (Fig. 5.8(a)). It is likely that the ZrH2 precipitates were formed
during milling due to reaction of excess Zr with H atoms, likely coming from the stearic acid used
as the process control agent. Although stearic acid has a great deal of both H and C, ZrH2 has a
lower enthalpy of formation compared to ZrC and the mobility of H is higher than C in Zr.
Annealing at higher temperatures led to formation of ZrC particles, as shown in the XRD pattern
(Fig. 5.8(a)) and the SAED pattern (Fig. 5.8(b)) of the sample annealed for 950 °C. This likely
occurs because annealing breaks carbon-carbon bonds in stearic acid and freed C atoms, which
then react with ZrH2 at high temperatures to form ZrC [202]. The absence of ZrH2 and the presence
of ZrC was observed for all annealed samples.

Figure 5.18 (a) XRD pattern of the as-milled and 950 °C sample annealed for 1 h. The positions of Cu, ZrC,
and ZrH2 peaks are marked. (b) TEM SAED pattern of the sample annealed for 1 h at 950 °C with ZrC and
Cu rings identified. An average intensity profile is also overlaid on the SAED pattern, using the PASAD
script.[203]

Fig. 5.9(a)-(c) shows dark field images of the samples annealed for 1 h at three different
temperatures. ZrC particles are homogenously dispersed throughout the microstructure and were
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found both in the grain interiors as well as on the grain boundaries. Comparison of Fig. 5.9(a) and
(c) demonstrates that ZrC particles grew larger in size after annealing at higher temperatures. Fig.
5.9(d) and e show a zoomed dark field TEM image and a high resolution TEM image, respectively,
of a ZrC particle in the 750 °C sample. The high resolution TEM image shows that this ZrC
particle is sitting along a grain boundary. To further analyze the ZrC particles, XRD particle size
of ZrC is plotted as a function of annealing time in a semi-log plot in Fig. 5.10. The trend in ZrC
particle growth is similar to that observed for grain size. Annealing at 850 °C and below for a
period of 1 week results in small particles with average particle sizes of ~10 nm or less. By
increasing the annealing temperature to 950 °C, ZrC particle size increases, to a maximum of ~25
nm after 1 week. The observed particle growth can be due to diffusion of Zr atoms along the grain
boundaries to reach ZrC particles or by coalescence of smaller particles as the grain boundaries
migrate.

Figure 5.19 Dark field TEM images of ZrC precipitates in the Cu-3 at.% Zr microstructure (a) annealed at
550 °C for 1 h, (b) annealed at 750 °C for 1 h, and (c) annealed at 950 °C for 1 h. (d) A higher resolution dark
field TEM image of a ZrC particle. (e) The corresponding high resolution TEM image. The particle is sitting
on the grain boundary, which is marked with a red dotted line.
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Figure 5.20 ZrC particle size as a function of annealing time. The as-milled sample is not included in the
graph since it does not contain ZrC particles.

5.4 Discussion
Grain size stability
The results of the XRD and TEM analysis show significant grain size stabilization in this
alloy, even after annealing under extreme conditions. This level of thermal stability is especially
notable, because it surpasses the temperatures and times necessary to obtain fully dense
nanocrystalline Cu through sintering processes. Sintering of nanocrystalline Cu is often performed
in the temperature range of 400-800 °C for a period of 1-24 h, depending on the type of sintering
technique [204,205]. Additionally, our results agree with the recent study by Atwater et al. [185],
who showed that a nanocrystalline grain size can be retained after annealing at temperatures as
high as 800 °C for cryogenically ball milled Cu-Zr without the addition of process agents. These
authors attributed their results to the segregation of Zr atoms to the grain boundaries at low
temperatures, while also showing that second phase intermetallic particles begin to from at
temperatures higher above 800 °C to help stabilize the grain boundaries through Zener pinning.
91

Since both grain boundary segregation and second phase precipitates are present in our study as
well, stability combination of thermodynamic and kinetic stabilization may be responsible for the
observed retardation of grain growth.
Based on the study by Darling et al. [91], a true thermodynamic equilibrium for
nanocrystalline Cu-Zr with an average grain size of 25 nm at 650 °C is possible but requires a
global concentration of 6 at.% Zr, higher than that used here. However, according to the molecular
dynamic simulations and thermodynamic studies of Millet et al. [206], if the ratio of atomic radius
of a solute to atomic radius of Cu is equal to 1.25, a global dopant concentration of 0.5 at.% is
enough to reduce the excess grain boundary energy to zero in a nanocrystalline Cu alloy with a
grain size of 20 nm. By considering the atomic radii of Zr (159.7 pm) and Cu (127.6 pm) [207],
the ratio of atomic radius of Zr to Cu is 1.25, meaning that a dilute concentration of Zr should be
able to stabilize the grain size of nanocrystalline Cu-Zr. Our results showed a significant degree
of solute segregation to grain boundaries, so we expect that thermodynamic concerns play a major
role in stabilizing our nanocrystalline Cu-3 at.% Zr alloy, in agreement with the prediction of these
studies. However, such models tend to ignore kinetic effects, such as those associated with
desegregation of solutes from the grain boundary and formation of second phase particles.
While we do not observe desegregation, second phase particles do exist and could have an
effect on the thermal stability of Cu-3 at.% Zr as well. The effect of ZrC and ZrO2 particle pinning
on the thermal stability of a ball milled nanocrystalline Cu was studied by Morris and Morris [208].
After adding 10.8 vol.% of second phase particles in that study, annealing treatments of 900 °C
for 1 h resulted in a grain size of 73 nm. In another study, the effect of Ta particles on thermal
stability of nanocrystalline Cu-10 at.% Ta was confirmed and an average grain size of 111 nm was
reported after annealing the microstructure for 4 h at 900 °C [209]. Therefore, it is clear that
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addition of second phase particles can hinder grain growth through Zener grain boundary pinning
mechanisms. Our peak intensity ratio date from XRD shows that our nanocrystalline Cu-3 at.%
Zr alloy could contain 2-4 vol.% of ZrC particles, depending on the annealing temperature and
time. An average grain size due to grain boundary pinning by second phase particles can be
estimated by a simple Zener equation [210]:
=

(5.1)

where dp and f are secondary phase particle size and volume fraction respectively, and KZener and
m are constants which can be taken as 0.17 and 1 if the volume fraction of second phase particles
is less than 0.05 [210]. By taking f = 0.02 and dp = 5 nm for the sample annealed at 550 °C for 1
h, Eq. 5.1 gives DZener = 42.5 nm, which is approximately twice as large as the measured grain size
of this sample. This calculation suggests that particle pinning cannot fully account for the observed
thermal stability in nanocrystalline Cu- 3 at.% Zr.

Consequently, both thermodynamic

stabilization through grain boundary segregation and kinetic stabilization through Zener pinning
seem to be operating here.

Complexion formation in nanocrystalline Cu-Zr
Our TEM results showed distinct grain boundary structures in nanocrystalline Cu-3 at.%
Zr after annealing at different temperatures. As previously shown by Dillon et al [105], each grain
boundary state has a unique property set that can cause a dramatic change in the overall material
properties, motivating further discussion. At the lowest annealing temperature of 550 °C, ordered
grain boundary structures are observed and EDS results show that all of the grain boundaries are
doped with Zr. Therefore, the observed grain boundary structures at this temperature are Type I
complexions. Type I complexions are more energetically favorable at lower temperatures and
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lower dopant compositions, having a high degree of crystalline order at the interface compared to
other complexion types [211]. Furthermore, Type I complexions have been shown to lower grain
the boundary mobility in MgO-doped Al2O3 and cause embrittlement in Bi doped Cu.[105,212] It
is important to note that these grain boundary structures represent the thermodynamically stable
configurations that form at that annealing temperature, since fast quenching was employed.
However, the conventional equilibrium phase diagram (Fig. 5.11) [213] for binary Cu-Zr alloy has
no information about complexions and only a mixture of Cu and Cu9Zr2 should be
thermodynamically-stable at this temperature, although such a mixture is not seen here.
Further increasing the annealing temperature to 750 °C caused an increase in the degree of
grain boundary segregation compared to 550 °C, but again Type I complexions were the only grain
boundary structures that were identified. The study by Dillon et al. [105] on complexion formation
in Al2O3 show that type V and VI complexions can start to form at temperatures at and above
~0.71 of melting point of Al2O3, which would translate to 615 °C for Cu-3 at. % Zr. The lack of
AIFs at 750 °C may suggest that the formation of quasi-liquid films require higher temperatures
in metallic alloys. However, our high resolution TEM data cannot completely rule out the
possibility of Type III or IV complexions, which have been observed in some other studies
[214,215]. In general, complexions types of bilayer and multilayer adsorptions are extremely
difficult to observe and to differentiate from one another even in an aberration-corrected scanning
TEM. This difficulty arises because accurate imaging of these thin complexions requires a perfect
edge-on imaging condition and even a small amount of misalignment can lead to overlapping of
lattice fringes from the neighboring grains, effectively covering the thin complexions from view
[216].
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Figure 5.21 (a) A section of Cu-Zr phase diagram, based on Ref [213]. , showing the region of interest in this
study. The dotted lines show the annealing temperatures where AIFs were found, with the maximum film
thickness labeled. (b) A larger section of the grain boundary phase diagram showing the lowest eutectic
temperature and composition. The 850 °C sample is below all the solidus temperatures possible in this phase
diagram, so any amorphous films must be complexion Type V. Blue shows region of all solid phase and red
color shows the sections of all liquid or two phase solid-plus-liquid regions.

Nanometer thick quasi-liquid intergranular films were observed at 850 °C. These grain
boundaries resemble the intergranular grain boundary films which are formed in coarse-grained
95

polycrystalline ceramics and metals,[217] but have not been found in nanocrystalline metals
previously.

It should be noted that the annealing temperature here is below the eutectic

temperature (Fig. 5.11(b)), and therefore this complexion cannot be a meta-stable bulk liquid
phase. Additionally, the thickness of amorphous grain boundaries films was constant along a given
interface, confirming the equilibrium state of the amorphous film with the neighboring grains. All
of the mentioned conditions match the criteria of a Type V complexion. The maximum thickness
of the observed complexion Type V at 850 °C has been marked in Fig. 5.11(a). Recently, Luo and
coworkers developed a framework to predict the equilibrium grain boundary film thicknesses at
sub-solidus temperatures in binary alloys [218]:
≡ −∆!/Δ#$%&

'(

(5.2)

where λ is a thermodynamic parameter proportional but not equal to film thickness, Δγ is the
difference between the excess energy of a clean grain boundary and the crystalline-amorphous
interfaces, and ΔGamorph is the volumetric free energy of formation of undercooled liquid. These
authors showed that λ is related to temperature, mainly because the free-energy penalty for forming
an undercooled liquid decreases with increasing temperature, so increasing annealing temperature
should result in a thickening of any amorphous grain boundary films. As a result, annealing at 950
°C leads to the formation of thicker amorphous complexions. The maximum thickness of any
amorphous complexion observed at this temperature, 5.7 nm, is marked in the Fig. 5.11(a). It is
important to note that we also observed ordered grain boundaries, or complexion Type I, in both
the 850 °C and 950 °C samples, so not all boundaries are covered with AIFs and a distribution of
complexions types is observed. This distribution is likely related to the fact that grain boundary
free energy depends not only on temperature and chemical potential, but also on the starting grain
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boundary structure. Interfaces have five degrees of freedom, related to grain misorientation and
grain boundary normal, which can also influence the energy and thermodynamics of the interfaces.
While the amorphous films in the sample annealed at 850 °C can only be Type V
complexions, it is possible that the AIFs observed in the 950 °C sample are a combination of Type
V and Type VI. Although the annealing temperature is below the solidus temperature for the
global composition used here, it is above the eutectic temperature, or the lowest temperature for
the binary alloy where any liquid phase is in equilibrium (Fig. 5.11(b)), and it is important to recall
that some grain boundaries showed levels of Zr segregation to >20 at.%. If the local composition
at the grain boundary exceeds 37.5 at.% Zr, it is possible that a wetting film can nucleate at 950
°C. Although it is difficult to definitively classify the amorphous films in this sample, the two
competing complexion types has different characteristics. Complexion Type V is in equilibrium,
so a uniform thickness should be maintained along the entirety of a given grain boundary. On the
other hand, complexion Type VI is a bulk phase, so it can change thickness along the length of an
interface based on the available concentration of dopant atoms. All of the amorphous films
observed in the 950 °C sample showed no measureable change in thickness here, and the wetting
films that have been observed in other materials are often much thicker, often being at least 10 nm
thick. It is also worth highlighting that grain boundaries with Zr content above ~10 at.% were
rarely observed, meaning it is likely that most if not all of the observed amorphous films were
Type V.
Lastly, our grain growth results can be revisited to understand the effect of grain boundary
complexion structure on grain size stabilization. To obtain a clear picture, only the highest and
lowest annealing temperatures are compared. At 550 °C, grain growth is slow and the error bars
on average grain size still overlap between annealed and as-milled after 1 week. Only complexion

97

Type I was found in this sample, and previous studies in Al2O3 showed that this type of complexion
has the lowest mobility of all types [105]. In contrast, type V and VI complexion have been shown
to dramatically speed up diffusion and cause abnormal grain growth or activated sintering
[105,219]. Observation of both a higher grain growth and formation of Type V or VI complexions
in the sample annealed at 950 °C shows a correlation between the thermal stability and complexion
type. Since grain boundaries can act as short-circuit paths for diffusion, it is also worth noting that
the interfaces are thicker when the higher level complexions are formed at 950 °C.

Effect of structural features on hardness
Thermal stability is essential in nanocrystalline metals because it retains the properties that
motivated research in nanocrystalline metals in the first place. However, the impact of segregation,
complexions, and precipitates on mechanical properties should be considered as well.
Nanoindentation hardness data for each sample is plotted as a function of annealing time in Fig.
5.12(a). For comparison, the hardness value of a pure Cu sample with an average grain size of 22
nm, made with the same processing conditions, is also included in the same plot as a blue line with
error bars denoted by light blue shading. From the Figure, it is clear that the Cu-Zr alloys exhibit
hardness values that are always higher than the as-milled pure Cu, even after annealing at
extremely high temperatures for very long times. A maximum hardness, ~4.4 GPa, is reached in
the samples annealed at 550 °C for 24 h and 750 °C for 1 h. Since annealed samples have larger
grain sizes compared to the pure nanocrystalline Cu sample, the strength of the alloy should have
decreased if grain size was the only consideration, following the Hall-Petch relationship:
)*$++
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where σo is a frictional stress and k is a constant, taken as 25.5 MPa and 0.11 MN/m3/2, respectively,
for Cu [220]. However, the opposite is observed, with the larger grain size annealed samples show
higher strength. Therefore, other hardening mechanisms must be at work in this alloy, with grain
boundary segregation and precipitation hardening being prime candidates [131].
Some studies suggest that Orowan hardening, or the bowing of dislocations between
second phase particles, is mainly responsible for the observed increase in hardness of the
nanocrystalline metals that contain precipitates [220]. The increased in yield stress due to an
Orowan hardening mechanism can be estimated by [221]:
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where G and b are the shear modulus and Burgers vector, respectively, of Cu, dp is the particle
size, and λ is the interparticle spacing which is estimated by [221]:
6
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where f is the volume fraction of precipitates. The combined effect of Orowan hardening and HallPetch hardening can then be calculated by assuming H ~ 3 σy:
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Taking G = 48 GPa, b = 0.255 nm, and assuming a constant volume fraction of f = 0.04 for all the
annealing conditions, which is the highest value found in any sample and serves to provide an
upper bound on Orowan strengthening contributions, the Hall-Petch and Orowan hardness values
were calculated and are plotted in a stacked bar chart in Fig. 5.12(b). The combined Hall-Petch
and Orowan hardening effects almost fit some of the lower temperature annealing conditions.
However, as the annealing temperature increases, the discrepancy between the simple grain sizeprecipitate model and our experimental results widens, suggesting that additional mechanisms
begin to significantly contribute to the hardness. It is also important to remember that we have
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used an upper bound for the volume fraction of secondary phase particles for these calculations
and may in fact even be overestimating the Orowan contributions in some of the samples.
Although the ZrC precipitates can significantly increase strength, their contribution fails to fully
explain the increased hardness of these samples.

Figure 5.22 (a) Nanoindentation hardness as a function of annealing time for nanocrystalline Cu and Cu-Zr
alloys. (b) Stacked bar chart of Hall-Petch, Orowan, and “other” hardening mechanisms for nanocrystalline
Cu-3 at.% Zr at different annealing times and temperatures.

Grain boundary segregation has been shown to be another effective mechanism for
increasing the strength of nanocrystalline metals. Vo et al. [129] studied doping of grain
boundaries in nanocrystalline Cu with an average grain size of 8 nm through a combination of
molecular dynamics and Monte Carlo simulations, in order to explore the effect of grain boundary
segregation on grain boundary energy and yield strength. These authors observed a 60% increase
in the yield stress after doping the material with only 1.2 at.% Nb, while also observing that the
grain boundary energy is lowered with doping in a manner that is proportional to all observed
strengthening.

A similar observation was reported in molecular dynamics simulations of

nanocrystalline Cu doped with Sb [18]. The nanoindentation hardness measurements of Ozerinc
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et al. [130] on nanocrystalline Cu-based alloys with an average grain size of 17 nm showed that
doping grain boundaries with 10 at.% Nb and Fe can add an extra ~3 GPa and ~1 GPa to the
hardness, respectively. These observations confirmed the previous molecular dynamic simulation
findings that grain boundary segregation can significantly increase strength, showing a direct
relationship between a decrease in excess grain boundary energy and an increase in strength. Such
a relationship was also observed in nanoindentation studies by Rupert et al. [35], who showed that
accessing a lower grain boundary energy configuration with grain boundary relaxation can lead to
higher hardness values in nanocrystalline Ni-W.
Consequently, the structure and excess energy of grain boundaries can be very important
for determining the strength of nanocrystalline metals. Since the grain boundaries are the main
source of dislocations in nanocrystalline metals, any process that facilitates or hinders grain
boundary dislocation emission can decrease or increase the strength of the material. Although we
dope our boundaries in traditional ways at lower temperatures, the formation of higher type grain
boundary complexions should also affect interfacial energy and, therefore, strength. It is important
to recall that complexions form at high temperatures because they are energetically favorable over
a clean boundary, meaning they will reduce the excess energy of the system. In addition, there
may be complex interactions of dislocations at the two newly created interfaces between the AIF
and the grains. Brandl et al. [222] studied this situation with molecular dynamic simulations and
found that these types of interfaces can attract dislocations during deformation, perhaps acting as
sinks. In our study, we find that the “other” contribution to hardness, which is associated with
segregation and boundary structure, becomes larger at higher annealing temperatures. Since we
observe thicker AIFs as temperature increases, it appears that complexions structure is also
important for mechanical strength.
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5.5 Conclusion
In this article, the evolution of grain size, grain boundary structure, and hardness of
nanocrystalline Cu-3 at.% Zr during thermal annealing was studied. The following conclusions
can be made:
•

Significant thermal stability was observed, due to a combination of segregation of Zr atoms
to grain boundary sites, complexion formation, and the formation of ZrC precipitates. Even
annealing the alloy at the extreme condition of 98% of solidus temperature for a period of
1 week only caused coarsening an average grain size of 54 nm.

•

A number of complexions states were observed, with higher temperatures promoting
increases disorder and thicker grain boundaries. Lower temperatures gave rise only to
Type I complexions, or doped yet ordered interfaces. AIFs appeared above 850 °C, with
higher temperatures promoting thicker films. While it is clear that the majority of these
amorphous films were Type V and in equilibrium with the abutting grains, it is possible
that a few were Type VI wetting films. Overall, amorphous complexions with thicknesses
ranging from 0.5 to 5.7 nm were observed.

•

The hardness of all of the samples remained higher than that of pure nanocrystalline Cu,
with a maximum hardness value of 4.4 GPa measured. The combination of Hall-Petch and
Orowan strengthening cannot fully explain the observed hardness, meaning that grain
boundary segregation and complexion formation also lead to strengthening in this alloy.
The influence of grain boundary state on strength becomes more significant at higher
temperatures.
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An important conclusion of this study is the formation of obvious complexions in a metallic
alloy that retains its nanocrystalline grain size. Thick AIFs were found at higher temperatures,
giving a unique microstructure without the loss of strength associated with nanocrystalline metals.
It was shown that by changing the annealing condition, different types of grain boundary
complexions can be formed, providing a new set of tools for engineering the interfaces of
nanocrystalline metals.
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Chapter 6 : Conclusions
Nanocrystalline metals are the next generation of advanced materials due to their
exceptional physical and mechanical properties. Recent advancements in this field show that these
metals have the potential to be produced in bulk quantities in the near future. The main challenge
in this field is on how to manipulate the grain boundary structure to get the desired properties. The
goal of this thesis is to get a better understanding of intercrystalline interfaces and to provide
solutions for the ongoing problem of grain growth and plastic instability in this field. The
following are the main conclusion of the studies done in this thesis.
In Chapter 2, microcompression experiments were done on electrodeposited
nanocrystalline Ni-W with grain sizes from 5 to 90 nm. It was shown that microcompression can
be used to successfully probe the mechanical properties of nanocrystalline metals while avoiding
common processing issues in large scale mechanical testing in these materials. Shear localization
was observed as the grain size decreases and it was most pronounced in the 5 nm grain size sample.
Relaxation of the grain boundaries enhanced the shear localization effect and this effect was more
pronounced for the smallest grain size. Overall it was shown that the more ordered grain boundary
structure could be detrimental in the deformation behavior of nanocrystalline metals.
To understand the effect of shear localization that was observed in the previous chapter,
the structure of shear bands in a nanocrystalline Ni-W with 5 nm grain size was studied in Chapter
3. It was observed that grain coarsening occurs inside the shear band although the material has
been shown to be thermally stable against grain growth. Additionally, the grain size outside the
shear bands were remained unchanged showing that the grain growth were mainly due to high
values of localized strain.
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To address the issue of shear banding and plastic instability in nanocrystalline metals, grain
boundary complexions were introduced in a nanocrystalline Cu-Zr as damage tolerant interfaces
in Chapter 4. Our microcompression and microbeam bending experiments provided proof that
grain boundary complexions can dramatically improve the mechanical properties of
nanocrystalline Cu-Zr. The TEM results showed these grain boundary complexions in the form
of AIF that form at high temperatures and are in thermodynamic equilibrium with abutting grains.
Without sacrificing the strength of the nanocrystalline Cu-Zr, toughness and ductility was
improved significantly. Our result provided a new route to design against failure in nanocrystalline
metals in general.
In Chapter 5, we systematically explored the effect of temperature and time on the
formation of grain boundary complexions and grain growth. It was observed that grain boundary
complexions can form in nanocrystalline Cu-Zr that has a stable microstructure even after
annealing for a period of one week and 98% of the eutectic temperature. Nanoindentation
measurements showed that even with these extreme annealing condition the grain size and the
hardness of these alloys remains higher than a pure nanocrystalline Cu.
In conclusion, the results of this thesis show the importance of grain boundary structure on
many aspects of nanocrystalline metals physics and mechanics. We show that the ordered grain
boundary structures can induce strain localization while introduction of disordered grain boundary
structures can dramatically toughen nanocrystalline metals. We are hopeful that the studies done
in this thesis could be used in the design of failure resistant and thermally stable nanocrystalline
metals.
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Chapter 7 : Future work
While the research in this thesis shed light on the importance of grain boundary structure
in nanocrystalline metals, many more unknown question remains to be answered in future studies.
Below is a list of suggested future work that could answer some of these questions:

•

Chapter 2: While grain boundary relaxation was observed to have an important effect on
the mechanical propertied of nanocrystalline Ni-W, the exact nature of grain boundary
structure and chemistry remains unknown.

High resolution TEM and atom probe

tomography should be used to explore the interfaces in this alloy.
•

Chapter 3: It was observed that the thickness of the shear bands during microcompression
and nanoindentation might be dependent on local strain rates.

Molecular dynamic

simulation or controlled in-situ TEM nanoindentation studies must be done to study the
possible relationship between these two.
•

Chapter 4: The grain boundary complexions that were introduced in nanocrystalline Cu
should be studied in other materials systems such as Ni, Al etc. Molecular dynamic
simulation of 3D nanocrystalline structure with grain boundary complexions can be used
to better understand the dislocation-complexion interaction.

•

Chapter 5: The thermodynamics of how complexions form in nanocrystalline metals is an
open question. Theoretical modeling like the work of Prof. Luo’s group [218] can help
with better understanding of these interfaces. Additional, special attention should be given
to nanocrystalline metals when considering those models since grain boundaries in
nanocrystalline metals tend to have a different configuration compared to conventional
metals.
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