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“I  think  that  when  we  know  that  we  actually  do  live  in  uncertainty,  then  we  ought  to  

admit  it;  it  is  of  great  value  to  realize  that  we  do  not  know  the  answers  to  different  
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 The  role  of  material  heterogeneities  in  the  shock  behavior  of  materials  has  presented  

a  great  challenge  to  the  shock  community  since  World  War  II.  Experimental,  analytical,  

and  computational  methods  have  matured  such  that  systematic  studies  of  materials  under  

shock  are  feasible  and  well-informed  by  the  application  of  analytical  and  computational  
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models.  The  greatest  challenge  of  current  experimental  diagnostics  for  studying  shock  is  

that  it  is  impossible  to  get  both  spatial  and  temporal  resolution  that  allows  for  analysis  on  

a  scale  smaller  than  a  nanometer  or  a  nanosecond  simultaneously.  To  this  end,  computational  

simulations  consisting  of  billions  of  atoms  over  thousands  of  time  steps  are  able  to  provide  

the  spatial  resolution  of  individual  atoms  at  times  faster  than  their  vibrational  period.  

Although  copper  has  been  well-studied  by  both  experiments  and  simulations,  its  dynamic  

behavior  containing  heterogeneities  such  as  helium  continues  to  be  of  great  interest  to  the  

materials  science  community.  Using  atomistic  models  of  copper,  the  role  of  pre-existing  

material  heterogeneities  in  shock  behavior  is  explored.   

The  mechanisms  responsible  for  the  collapse  of  helium-filled  bubbles  and  empty  

voids  during  the  passage  of  shock  waves  in  monocrystalline  copper  are  revealed.  The  

internal  pressure  (caused  by  pre-existing  helium  atoms),  defect  concentration,  and  bubble  

size  are  each  varied  in  molecular  dynamics  simulations  to  understand  the  atomistic  scale  

deformation  as  they  are  subjected  to  a  range  of  peak  shock  stresses.  It  is  shown  that  both  

empty  and  helium  filled  bubbles  serve  as  dislocation  sources,  generating  an  intense,  localized  

plastic  region.  A  generalized  model  for  dislocation  emission  from  helium  bubbles  is  

proposed,  where  the  inclusion  of  the  shear  stress  generated  by  the  helium  bubble  is  shown  

to  increase  the  critical  stress  to  generate  dislocations  at  the  defect  surface,  demonstrating  

the  change  in  plastic  deformation.  The  production  of  ejecta,  which  is  formed  when  a  planar  

shock  wave  reaches  a  free  surface,  is  of  particular  interest  since  these  results  describe  the  

dependence  of  ejected  mass  on  the  shock  strength,  as  well  as  the  size  and  velocity  

distributions  of  the  ejected  mass.  The  goal  is  to  systematically  understand  how  material  

heterogeneities  such  as  voids  and  helium  interstitials  alter  the  shock  behavior. 
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Chapter 1 Introduction  and  Objectives 

1.1  Motivation:  Simulating  Mechanical  Shock  Loading 

The  behavior  of  materials  undergoing  shock  has  fascinated  researchers  since  the  

1800’s.  Originally  considered  for  fluids,  the  theory  of  shock  was  expanded  to  solids  and  

became  particularly  interesting  following  World  War  II,  when  researchers  began  rigorously  

exploring  the  strength  and  failure  mechanisms  of  solids.  A  myriad  of  diagnostic  tools  

measuring  momentum  (such  as  niobium  pins  and  Asay  foils)  or  optical  properties  (x-ray  

diffraction  and  laser  interferometry)  have  come  to  play  an  essential  role  in  understanding  

the  multiscale  failure  process  of  materials  experiencing  shock  [[17]–[21]].  Using  these  tools,  

the  means  of  deformation  and  failure  via  shock  have  been  revealed  to  be  dependent  on  

the  shear  stress  caused  by  the  uniaxial  strain  induced  by  shock.  Each  material  is  unique  

in  its  failure;  some  materials  fail  gradually  over  time  while  others  undergo  rapid,  significant  

damage.  The  induced  strain  generates  dislocations,  which  move  throughout  the  material  in  

response  to  the  applied  shear  stress  depending  on  the  strain  rate,  crystal  structure,  and  

density  of  existing  imperfections.  In  certain  cases,  shock  may  induce  twinning  in  order  to  

relieve  stress  or  when  there  are  no  mobile  dislocations.  Phase  transformations  or  

amorphization  may  occur  as  a  result  of  shear  localization;  the  extreme  nature  of  shock  

induces  a  sharp  increase  in  pressure,  density,  and  velocity,  leading  to  certain  transitions  

based  on  the  kinetics  of  the  materials.  As  a  shock  front  travels  through  a  material,  the  

material  is  compressed  as  dislocations,  stacking  faults,  twins,  and  other  defects  are  formed.  

In  a  controlled  experimental  setting,  the  shock  front  may  reflect  off  of  the  rear  surface  of  

the  material,  sending  it  into  a  state  of  tension  where  the  induced  damage  and  existing  
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defects  cause  voids  to  nucleate,  grow,  and  coalesce  (known  as  spall.)  In  other  controlled  

experiments,  the  shock  front  causes  material  to  be  ejected  from  the  rear  surface  due  to  

induced  surface  roughness  depending  on  the  material  strength.  Compression,  spallation,  and  

ejecta  are  each  studied  extensively  since  extreme  conditions  of  temperature,  pressure,  and  

strain  rate  required  for  shock  experiments  are  challenging  for  in  situ  data  collection,  leading  

to  extensive  analysis  of  pre-  and  post-mortem  specimens.  The  greatest  challenge  of  current  

experimental  diagnostics  for  studying  shock  is  that  it  is  impossible  to  get  both  spatial  and  

temporal  resolution  that  allows  for  analysis  on  a  scale  smaller  than  a  nanometer  or  a  

nanosecond  simultaneously.  To  overcome  this,  constitutive  models  to  understand  the  

fundamental  physics  behind  these  complex  phenomena  have  been  continuously  under  

development,  but  do  not  fully  describe  the  atomistic  scale  behavior  of  materials  under  

shock  loading.  To  this  end,  computational  simulations  consisting  of  billions  of  atoms  over  

thousands  of  time  steps  are  able  to  provide  the  spatial  resolution  of  individual  atoms  at  

times  faster  than  their  vibrational  period.  Each  particle,  its  state,  and  its  interactions  with  

its  neighboring  particles  is  able  to  be  mapped  over  time  using  a  computer.  Computational  

simulations  provide  a  crucial  and  elegant  tool  for  understanding  how  materials  behave  in  

extreme  environments,  but  they  require  great  care  to  ensure  that  the  simulation  input  

reflects  the  experiment’s  physics.  Using  experiments  and  simulations,  constitutive  models  

can  be  elucidated  upon  to  better  reflect  the  fundamental  physics.  The  process  of  iterating  

through  experiments,  simulations,  and  constitutive  modeling  is  crucial  to  developing  a  

complete  picture  of  strength  and  failure  mechanisms  of  materials. 

As  technological  developments  crescendo  towards  human  missions  to  Mars  and  

inertial  confinement  fusion,  understanding  the  behavior  of  materials  under  extreme  
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environments  is  crucial.  High  strain  rate  phenomena  and  the  role  of  material  imperfections  

are  particularly  important  because  the  extreme  environments  generate  by  spacecraft,  fusion,  

or  in  other  defense  applications  induce  damage  which  may  alter  the  material’s  strength.  

Copper  has  long  served  as  a  model  material  for  fcc  deformation  mechanisms  while  silicon  

carbide  has  been  identified  as  a  high  temperature  semiconductor  as  well  as  a  crucial  armor  

component.  Both  materials  are  used  to  make  electronic  devices,  including  diagnostic  tools  

for  use  in  laser  chamber  optics,  which  have  applications  for  understanding  not  just  the  

behavior  of  materials  under  shock  but  also  for  the  broader  field  of  high  energy  density  

physics.  The  concepts  encompassed  by  shock  wave  research  are  highly  multidisciplinary,  

such  as  seismology,  chemistry,  biology,  engineering,  plasma  physics,  medicine,  and  materials  

science.   

Technological  advances  in  defense  and  space  travel  have  relied  upon  the  continuous  

advancement  of  the  materials  science  field.  For  example,  as  weaponry  grows  more  lethal,  

armor  and  structural  materials  must  have  the  survivability  to  match;  the  concept  of  

survivability  is  rooted  in  the  materials  performance  under  dynamic  loading,  which  can  

change  depending  on  the  purity,  processing,  grain  size,  or  porosity  of  the  material,  among  

countless  other  factors.  Investigations  of  such  microstructural  features  date  back  to  World  

War  II,  when  the  interest  in  shock  physics  increased  exponentially,  but  a  major  challenge  

faced  by  the  community  is  the  inability  to  collect  in  situ  data  on  an  atomic  scale  during  

experiments. 

Multi-scale  simulations  provide  a  means  of  overcoming  such  a  challenge.  Figure  1-

1  shows  the  length  scales  accessed  by  both  experimentally  and  computationally.  Continuum  

scale  simulations  allow  for  the  understanding  of  the  deformation  of  a  fully  integrated  
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system;  while  in  situ  data  can  be  collected  on  this  scale,  the  damage  inflicted  by  dynamic  

testing  and  the  cost  of  repeating  such  experiments  is  a  barrier  to  multiple  experiments.  

Other  simulations  spanning  the  micro-mesoscale  reveal  the  microstructure  and  substructure  

of  a  material  while  atomic  scale  simulations  allow  for  the  investigation  of  individual  atoms.  

These  simulations  have  comparable  experimental  analyses,  but  most  forms  of  microscopy  

require  the  material  to  be  characterized   

 

Figure  1-1:  The  length  scales  addressed  by  modeling  and  experimental  analyses  (HR-TEM:  
High  Resolution  Transmission  Electron  Microscopy;  ECCI:  Electron  Channeling  Contrast  
Imaging;  SEM:  Scanning  Electron  Microscopy;  EBSD:  Electron  Backscatter  Diffract  on).  
From  Williams  [21].   

 

before  and  after  shock;  there  are  very  few  means  of  outputting  experimental  data  during  

shock,  though  such  techniques  are  under  investigation.  Presently,  the  use  of  simulations  

provides  a  means  of  understanding  the  shock  behavior  between  states  of  viable  recovery.  

The  spatial  and  temporal  resolution  desired  by  the  materials  science  field  allows  for  the  

thorough  investigation  of  a  variety  of  long-standing  questions.   
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1.2  Research  Focus 

The  current  understanding  of  the  role  of  material  heterogeneities  in  the  shock  

behavior  of  materials  is  fairly  strong;  the  importance  of  dislocations  and  void  nucleation  

are  indisputably  crucial  to  understanding  the  strength  of  materials.  However,  for  materials  

seeded  with  defects  prior  to  shock,  much  less  is  known.  In  early  work,  studies  were  

dedicated  to  elucidating  constitutive  relationships  and  developing  repeatable  experimental  

methods.  While  experimental  apparatuses  such  as  lasers  and  gas  guns  are  highly  effective  

at  inducing  shock  iteratively,  the  main  challenge  remaining  is  the  capacity  to  collect  data  

in  situ  on  the  nanoscale.  Multi-scale  modeling  efforts  seek  to  bridge  this  gap,  and  for  

shock,  molecular  dynamics  simulations  have  been  shown  to  be  highly  effective  due  to  the  

timescale  accessible  via  simulation  in  comparison  to  the  timescale  of  shock. 

This  work  focuses  on  two  phenomena  that  occur  during  shock  loading:  compression  

of  the  bulk  material  and  ejection  of  matter.  Traditional  systematic  studies  of  shock  have  

focused  on  single  phase  metals,  such  as  copper,  which  has  become  a  simple  model  material  

for  exploring  mechanical  behavior.  Therefore,  the  goal  is  to  reach  a  broader  understanding  

of  the  role  played  by  material  defects  existing  in  copper  prior  to  shock.  Much  work  has  

been  done  to  understand  the  shock  behavior  of  copper,  but  defects  aside  from  grain  

boundaries  have  been  largely  neglected  for  most  materials.  In  copper,  helium  bubbles,  

voids,  and  interstitial  defects  were  shown  to  alter  the  ejecta  production  of  copper,  implying  

that  there  is  a  change  in  strength.  To  systematically  study  the  role  of  these  imperfections  

via  experiments,  costly  irradiation  processes  are  required  to  create  well-parameterized  

microstructures,  but  these  defects  are  implanted  close  to  the  free  surface  of  the  material,  
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requiring  the  use  of  ejecta  measurement  rather  than  traditional  spallation  to  understand  the  

material  strength  via  gas  guns.   

The  objective  of  this  investigation  is  to  elucidate  upon  the  role  of  material  

heterogeneities  and  defects  in  materials  subjected  to  the  extreme  environment  of  shock.  

The  overall  investigation  explores  the  compression  of  copper  containing  voids,  both  helium-

filled  and  empty,  followed  by  the  ejection  of  mass  as  the  shock  front  reaches  the  free  

surface.  The  goal  is  to  address  the  following  points  for  copper  seeded  with  voids,  helium  

bubbles,  and  interstitial  defects: 

1. During  shock  compression,  how  does  the  material  microstructure  affect  the  

deformation  of  the  material? 

1.1. What  atomistic  processes  change  due  to  the  presence  of  voids  and  helium  

bubbles? 

1.2. How  is  deformation  impacted  by  the  morphology  of  defects,  including  

the  defect  concentration  and  size? 

1.3. Can  these  changes  in  deformation  be  quantified  and  predicted? 

2. Once  the  shock  front  reaches  the  free  surface,  how  does  ejecta  production  change  

as  a  result  of  pre-existing  material  defects? 

2.1. Do  changes  in  deformation  during  shock  compression  influence  the  

ejection  of  matter  from  the  free  surface? 

2.2. What  role  do  material  defects  play  in  ejecta  production? 

2.3. Will  the  ejection  of  matter  be  significantly  altered  by  changing  the  

morphology  of  the  defects? 
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It  is  imperative  to  begin  by  characterizing  deformation  of  copper  under  shock  

compression  in  order  to  fully  understand  how  the  shock  front  has  changed  once  it  reaches  

the  free  surface.  To  achieve  goal  #1  and  its  sub-goals,  atomistic  scale  simulations  of  copper  

containing  a  single  void  or  helium  bubble  are  carried  out  for  a  range  of  peak  shock  

stresses,  defect  sizes,  and  internal  pressures.  The  initial  excess  energy  and  resultant  

dislocation  density,  temperature  increase,  and  stress  are  recorded.  Analytical  models  

describing  the  growth  of  voids  during  spallation  can  be  leveraged  to  understand  the  collapse  

of  defects  during  compression;  such  analysis  will  be  correlated  to  the  observed  changes  in  

deformation.   

By  understanding  the  nature  of  material  deformation  during  shock  compression,  

studies  of  ejecta  production  are  contextualized  since  the  nature  of  the  shock  front  once  it  

reaches  the  free  surface  is  likely  altered  by  its  interaction  with  material  defects.  To  achieve  

goal  #2  and  its  subgoals,  further  atomistic  simulations  of  copper  now  containing  a  well-

parameterized  field  of  interstitials,  voids,  and  helium  bubbles  are  performed.  The  peak  

shock  stress,  defect  type,  concentration,  and  size  are  varied.  Ejected  mass  is  counted,  along  

with  the  number  of  particles,  their  sizes,  and  their  velocities.  Spatiotemporal  depictions  of  

the  materials  longitudinal  stress  are  also  generated  in  order  to  illustrate  and  quantify  

changes  to  the  shock  front,  which  are  linked  to  changes  in  ejecta  production.   
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Chapter 2 Background 

Before  delving  into  the  role  of  material  heterogeneities  in  the  shock  behavior  of  

solids,  understanding  shock  itself  is  essential.  A  shockwave  is  a  wave  moving  through  

material  at  a  rate  exceeding  the  material’s  speed  of  sound.  Shock  fundamentally  requires  

the  velocity  of  the  pulse  to  increase  as  the  pressure  increases;  shockwaves  are  characterized  

by  discontinuity  in  pressure,  temperature,  and  material  density.  Figure  2-1  demonstrates  the  

spatial  phenomenon  as  a  shock  moves  through  a  material.  Events  A  through  EF  demonstrate  

the  material  behavior  under  compression  while  events  F  through  H  illustrate  the  nucleation,  

growth,  and  coalescence  of  voids,  also  known  as  spallation.   

Missing  from  this  figure  is  material  ejection  with  occurs  when  the  shock  reaches  

the  free  surface  of  the  material,  but  ejecta  production  allows  for  the  understanding  of  

material  defects  in  shock.  The  existing  work  on  material  heterogeneities  including  point  

defects,  dislocations,  bubbles,  precipitates,  and  grain  boundaries  is  examined  throughout  

this  chapter  in  order  to  elucidate  the  paradigm  of  systematic  studies  aiming  to  explain  

the  role  of  such  imperfections  via  experiments  and  simulations.  The  ability  to  predict  the  

strength  and  performance  of  materials  relies  on  the  iterative  process  between  computation,  

constitutive  modeling,  and  experiment;  accuracy  in  computation  relies  on  the  ability  to  

simulate  realistic  materials,  inherently  seeded  with  heterogeneities. 
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Figure  2-1:  Illustration  of  spatially  resolved  stages  of  shock  compression  and  release.  From  

Williams  [5]. 
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2.1.  Shock 

Shock  has  been  of  great  interest  to  scientists  throughout  history,  and  Rankine  and  

Hugoniot  developed  a  mathematical  treatment  for  shock  intended  for  fluids  (eventually  

extended  to  solids)  in  the  late  1800s.  Using  conservation  of  mass,  momentum,  and  energy,  

the  following  relationships  for  shock  conditions  can  be  derived  [22],  [23]: 

where  𝜌  is  the  density,  𝑈!  is  the  shockwave  velocity,  𝑈"  is  the  particle  velocity,  P  is  

pressure,  V  is  volume,  and  E  is  energy. 

These  quantities  are  important,  but  also  require  an  equation  of  state  if  one  wishes  

to  express  one  quantity  as  a  function  of  the  other  five  [15].  The  equation  of  state  expresses  

the  surface  velocity  as  a  function  of  the  sound  speed,  the  particle  velocity,  and  some  

experimentally  determined  parameters: 

 

𝑈! =		𝐶# + 𝑆$𝑈" + 𝑆%𝑈"% +⋯ 
(4) 

Where  𝑈!  is  the  shockwave  velocity,  𝐶#  is  the  longitudinal  sound  speed,  and  𝑆$  

and  𝑆%  are  experimentally  determined  parameters.  Note  that  for  metals,  the  expression  can  

be  truncated  to  the  linear  form.  During  shock,  it  is  obvious  to  expect  a  great  change  in  

energy,  which  leads  to  an  increase  of  temperature  during  shock.  The  temperature  reached  

 

𝜌#𝑈! = 𝜌-𝑈& − 𝑈"/ 

(𝑃 − 𝑃#) = 𝜌#𝑈!𝑈" 

𝐸 − 𝐸# =
1
2
(𝑃 + 𝑃#)(𝑉 − 𝑉#) 

 

    

(1) 

(2) 

                        

(3) 
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during  shock  can  be  obtained  by  manipulating  the  Rankine-Hugoniot  relations  in  conjunction  

with  basic  thermodynamics,  which  is  of  particular  interest  since  remarkably  high  shockwaves  

can  lead  to  shock  melting  and  other  phase  changes  [15].  Dynamic  loading  and  the  induced  

rapid  temperature  increase  play  a  major  role  in  the  deformation,  damage,  and  failure  

produced  during  shock.  Constitutive  models  generate  equations  of  state  based  on  equations  

1  and  2. 

A  collection  of  shock  experiments,  where  the  shock  pressure  and  compressed  volume  

are  measured,  produces  a  characteristic  PV  curve  known  as  the  Hugoniot  shown  in  figure  

2-2.  During  shock,  the  material  is  loaded  according  to  the  Rayleigh  line.  Note  that  the  

slope  of  this  line  can  be  expressed  as  the  square  of  the  product  material’s  initial  density  

and  shock  velocity.  If  the  initial  pressure,  density/volume,  and  shock  velocity  are  known,  

the  resultant  volume  and  pressure  change  the  material  experiences  during  shock  can  also  

be  determined. 

Shock  is  characterized  by  an  extreme  increase  in  internal  energy  within  the  material.  

This  is  accomplished  several  ways,  but  the  key  idea  is  that  energy  is  converted  to  kinetic  

energy  which  then  imposes  the  shock  wave  upon  the  material  [24].  Classically,  experiments  

were  done  with  explosives,  including  exploding  rings.  More  recently,  researchers  have  

turned  to  gas  guns,  rail  guns,  and  flyer  impact  to  generate  shock  waves.  Although  these  

methods  are  effective,  researchers  are  interested  in  pressure  regimes  beyond  what  these  

methods  are  capable  of.  To  probe  such  extremities,  high  powered  lasers  are  used,  which  

can  achieve  pressures  up  to  350  GPa  [25].  For  laser  shock  experiments,  the  material  of  

interest  may  be  packaged  in  a  recovery  tube.  In  front  of  the  material,  an  ablator  is  struck   
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Figure  2-2:  An  example  of  the  Hugoniot  curve  formed  through  systematic  study  of  a  
material  under  shock  compression.  From  Meyers  [8]. 
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by  a  laser,  inducing  rapid  expansion  of  the  ablation  material  in  the  form  of  plasma.  The  

material  of  interest  is  encased  in  metals  having  a  similar  shock  impedance  (product  of  the  

density  and  sound  speed)  so  that  the  shock  wave  propagates  through  the  target  without  

“knowing”  that  it  is  moving  through  different  materials.  The  shockwave  then  decays  in  a  

momentum  trap  at  the  rear  of  the  package.  Depending  on  the  objective  of  the  experiment,  

the  packages  can  differ.  After  shock,  resultants  are  able  to  recover  the  material  and  study  

the  resultant  deformation.  Laser  shock  is  challenging  because  experiments  operate  at  very  

high  strain  rates  since  the  impact  occurs  over  nanoseconds  (or  even  femtoseconds!)  which  

requires  high  precision  for  data  collection. 

The  first  main  stage  of  shock  is  compression,  which  occurs  as  the  materials  rapidly  

experiences  uniaxial  strain  as  depicted  in  figure  2-1.  This  induces  significant  shear  stress,  

which  precedes  material  damage  and  failure  via  shock  loading.  Split  Hopkinson  bars,  laser  

drive  systems,  and  gas  guns  are  able  to  experimentally  induce  such  a  state,  where  shock-

induced  uniaxial  strain  dominates  the  system,  leading  to  dramatically  different  microstructural  

responses  due  to  the  induced  shear  stress  (rather  than  hydrostatic  pressure  alone.)  As  shown  

in  figure  2-1,  the  plasticity  induced  by  shock  at  pressures  exceeding  what  is  known  as  the  

Hugoniot  Elastic  Limit  leaves  the  material  in  an  increased  stress  state.  As  the  shock  

propagates  through  the  material,  the  shear  stresses  lead  to  fascinating  phenomena  including  

the  formation  of  stacking  faults,  dislocations,  and  new  phases  [10],  [26]. 

Following  compression,  the  shockwave  reaches  the  rear  surface  of  the  material.  

Practically,  the  interaction  of  the  shock  with  the  rear  surface  depends  on  the  surrounding  

conditions.  If  the  stress  state  of  the  material  beyond  the  free  surface  is  zero,  the  wave  
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will  be  reflected,  leading  to  a  state  of  tension  due  to  the  intersection  of  decompression  

waves.  This  leads  to  complex  interactions  in  the  material,  including  the  formation  of  defects  

that  ultimately  lead  to  a  state  of  failure  known  as  spall,  where  the  material  literally  rips  

itself  apart  [27]–[29].  The  study  of  this  phenomenon  requires  a  multidisciplinary  application  

of  mechanics,  thermodynamics,  and  materials  science.  The  maximum  tensile  stress  reached  

during  dynamic  spall  fracture  is  known  as  the  spall  strength,  though  this  term  may  also  

be  used  to  describe  the  induced  stress  at  which  voids  nucleate. 

If  the  wave  is  propagated  into  a  free  surface  or  a  material  having  significantly  

lower  shock  impedance,  the  matter  is  ejected  from  the  surface  [30]–[32].  That  ejected  

matter  is  known  as  ejecta,  and  its  formation  occurs  as  a  case  of  the  Richtmyer-Meshkov  

instability.  Ejecta  was  first  discovered  by  Asay  and  his  colleagues,  who  were  using  VISAR  

(Velocity  Interferometer  System  for  Any  Reflector)  to  measure  free  surface  velocities  of  

materials  under  shock.  As  they  were  taking  measurements,  they  struggled  to  identify  the  

free  surface,  which  led  them  to  realize  that  a  cloud  of  material  had  been  ejected  from  the  

sample.  Ejecta  is  strongly  influenced  by  surface  roughness,  which  Asay  and  his  colleagues  

worked  to  characterize.  The  role  of  heterogeneities  in  ejecta  formation  is  complex;  there  

is  virtually  no  work  done  on  this  topic  following  Asay’s  mention  of  it  in  the  1970’s. 
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2.2.  Role  of  material  defects  and  heterogeneities  in  shock   

Simulations  and  experiments  have  traditionally  neglected  the  role  of  these  

heterogeneities  during  shock  due  to  a  combination  of  diagnostic  difficulties  and  interest  in  

other  behaviors  for  materials  under  shock;  as  interest  in  more  complex  materials  grows,  it  

is  crucial  that  to  include  heterogeneities  in  order  to  fully  develop  and  predict  material  

performance  during  shock.  Heterogeneities  refer  to  the  myriad  of  imperfections  and  defects  

we  find  in  solid  materials.  They  maybe  complex,  such  as  grain  boundaries  and  bubbles,  

but  can  also  be  as  simple  as  vacancies.  Simple  material  defects  play  an  important  role  in  

the  behavior  of  the  more  complex  heterogeneities. 

The  study  of  shock  dates  back  to  the  1800s,  when  Rankine  and  Hugoniot  

independently  developed  a  mathematical  treatment  for  shock  that  was  initially  intended  for  

fluids  (but  eventually  extended  to  solids)  in  using  conservation  of  mass,  momentum,  and  

energy  [22],  [23].  Dynamic  failure,  or  spall,  was  first  noted  by  Hopkinson  in  his  study  of  

steel  under  dynamic  conditions  in  the  1910s  [33]  while  Parsons  claimed  to  have  synthesized  

diamond  via  what  is  known  today  as  shock  recovery  experiments  [34];  while  Parsons’  

success  has  been  heavily  debated,  Michel-Levy  and  Wyart  later  synthesized  minerals  via  

shock  recovery  in  1939  [35].  In  1943,  Tobolsky  and  Eyring  first  developed  the  idea  of  

damage  during  shock  as  a  rate  process  obeying  the  Arrhenius  equations  for  bond  breakage  

[36]. 

Interest  in  shock  and  the  dynamic  behavior  of  materials  became  popular  around  

World  War  II,  as  technological  innovation  was  accelerated  by  the  development  of  the  

atomic  weapon.  Fragmentation  of  metal  rings  via  internal  explosive  loading  was  conducted  

by  Mott,  revealing  the  statistical  nature  of  fracture  and  the  relief  waves  reflected  by  these  
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newly  formed  surfaces  [37].  The  Hopkinson  bar  became  a  crucial  method  for  exploring  

dynamic  behavior  as  the  war  came  to  an  end,  with  Davies  reporting  on  modern  methods  

of  data  collection  and  analysis  using  a  Hopkinson  bar  [38].  Around  this  time,  Kolsky  

placed  two  Hopkinson  bars  in  series  with  the  goal  of  measuring  stress  and  strain,  creating  

what  is  known  as  a  split-Hopkinson  pressure  bar  [39].  Another  alternative  method  of  

studying  shock  is  the  use  of  explosives;  Rinehart  identified  spall  in  metals  using  cylindrical  

charges  detonated  on  the  surfaces  of  samples  in  the  early  50’s  [40],  [41].  While  many  

experimental  studies  were  underway,  analytical  studies  laid  an  important  foundation  for  the  

field  of  shock.  Bleakney  and  Taub  reviewed  analytical  and  experimental  research  to  

elucidate  upon  shock  compression  and  reflection  [42].  Von  Neumann  and  Richtmeyer,  

outlined  a  method  for  numerical  calculations  of  shock  that  became  paramount  to  

computational  codes  [43]. 

As  the  scientific  community  continued  refining  the  means  of  performing  and  

analyzing  shock  experiments,  the  field  expanded  rapidly.  Numerous  systematic  studies  

detailing  the  Hugoniot  data  of  materials  were  published;  most  studies  focused  on  refining  

the  methodology  and  analytical  models  of  shock.  Researchers  successfully  identified  the  

crucial  role  played  by  dislocations  in  the  plastic  behavior  materials  experience  during  shock  

while  the  roles  of  defects  such  as  vacancies,  interstitials,  precipitates,  voids,  and  grain  

boundaries  are  mentioned  but  did  not  become  a  primary  research  topic  until  the  1970s.  

For  example,  researchers  at  Washington  State  University  investigated  dynamic  yielding  in  

LiF  [44]–[51]  and  established  the  essential  role  of  dislocation  glide  as  well  as  the  tendency  

of  heterogeneous  nucleation  of  dislocations  at  point  defects,  leading  to  an  increase  in  elastic  

precursor  attenuation  in  materials  experiencing  shock.  This  series  was  exemplary  in  nature,  
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with  several  of  its  authors  going  on  the  become  some  of  the  most  iconic  shock  researchers  

of  our  time;  the  rigor  of  this  systematic  study  is  required  for  through  understanding  of  

materials  using  the  myriad  of  tools  available  today. 

Seaman,  Barbee,  and  Curran  (and  their  collaborators)  worked  throughout  this  same  

generation  to  develop  synchronistic  computational  an  experimental  procedures  to  predict  the  

evolution  of  damage  via  shock  in  brittle  and  ductile  materials  [52].  This  early  work  

emphasized  the  nucleation  and  growth  of  voids  leading  to  dynamic  failure  such  as  spall  

and  served  as  an  important  contribution  for  the  development  of  related  computer  simulation  

codes.  The  goal  of  the  study  was  to  outline  the  dependence  of  spallation  on  microscopic  

material  properties.  Of  particular  interest  is  the  recognition  that  damage  mechanisms,  “are  

directly  related  to  deviation  of  a  material  from  a  perfect  lattice”  and  the  pivotal  role  played  

by  dislocation  motion  in  all  mechanisms  for  deformation  [52]. 

In  1979,  Davison  and  Graham  comprehensively  reviewed  the  work  done  in  shock,  

encompassing  mechanical,  electromagnetic,  and  optical  material  properties  [53].  While  the  

present  work  focuses  on  the  mechanical  responses,  understanding  changes  in  electromagnetic  

properties  of  materials  under  shock  loading  has  provided  opportunities  for  significant  

advancement  in  experimental  analyses  of  the  dynamic  behavior  of  materials.  Particular  

emphasis  has  been  placed  on  developing  a  systematic  means  of  conducting  experiments,  

including  the  coming  of  age  of  the  gas  gun  and  laser  platforms.  While  some  mention  of  

the  role  of  material  defects  is  made,  it  is  clear  that  inelastic  deformation  mechanisms  

continue  to  elude  researchers  due  to  the  difficulty  in  observing  the  material  behavior  in  

situ.  This  review  provides  an  excellent  bench  mark  for  the  state  of  shock  physics. 
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Of  particular  interest  over  the  years  has  been  the  role  of  grain  boundaries  during  

shock,  but  the  ability  to  systematically  study  their  behavior  was  hindered  by  the  previous  

challenges  posed  by  underdeveloped  experimental  methods.  With  the  increased  capacity  

offered  by  split  Hopkinson  bars  and  gas  guns,  characterization  of  grain  boundaries  under  

shock  became  an  important  topic  for  the  shock  community.  Meyers  performed  a  study  in  

1977  showing  that  the  elastic  precursor  wave  attenuates  differently  in  single  crystals  when  

compared  to  polycrystals  [54].  A  model  was  developed  to  reflect  these  findings,  finding  

that  the  rise  time  for  a  shock  in  a  single  crystal  is  lower  than  that  of  polycrystals  and  

that  polycrystals  exhibit  an  increased  rise  time  as  the  gain  size  increases.  Such  ideas  

became  instrumental  in  the  field  of  spall  since  grain  boundaries  are  a  nucleation  site  for  

voids;  Meyers  reviewed  the  state  of  spall,  including  the  role  of  grain  boundaries,  in  1983,  

echoing  the  sentiment  from  Davison  and  Graham  that  more  work  is  needed  to  understand  

how  heterogeneities  such  as  grain  boundaries  and  voids  play  a  role  in  compression  and  

spallation  [55].  Meyers  work  was  later  followed  by  his  graduate  student,  whose  literature  

review  synthesizes  the  importance  of  the  past  constitutive  modeling  and  experiments  methods  

with  the  computational  power  of  molecular  dynamics  in  order  to  show  agreement  between  

new  age  simulation  techniques  [56]. 

Understanding  and  predicting  the  shock  behavior  of  materials  continues  to  be  of  

great  interest  due  its  importance  in  many  applications.    As  humans  collectively  work  

towards  traveling  beyond  our  own  Moon,  building  nuclear  fusion  reactors,  and  developing  

faster  means  of  transportation,  among  a  plethora  of  other  technological  advancements,  these  

endeavors  expose  materials  to  increasingly  extreme  environments.  As  such,  in  the  case  of  
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collisions  and  impacts,  the  dynamic  behavior  of  materials  is  crucial  to  understanding  the  

lifecycle  of  the  components  in  these  ever-evolving  technologies  to  ensure  their  longevity. 

The  primary  research  interests  during  this  phase  of  shock  have  centered  around  the  

effect  of  pulse  shape,  dwell  time,  elastic-plastic  wave  structure  [57],  [58],  on  the  ensuing  

deformation  mechanisms  such  as  slip,  twinning  [59],  and  phase  transformations  [60].  The  

compression  stage  of  shock  has  been  reviewed  extensively  by  Bourne  et  al.  [61],  who  

break  down  the  steps  of  compression  into  the  formation  of  defects,  noting  that  the  

“hierarchy  of  defect  generation”  depends  on  several  factors,  such  as  the  point  at  which  

plastic  flow  begins,  kinetics  of  defect  formation  for  a  specific  material,  temperature  

dependence,  atomic  packing,  and,  notably,  initial  defect  concentration.   

When  the  shock  front  reaches  the  rear  free  surface  of  a  target,  it  is  reflected  in  

the  form  of  release  waves  that  propagate  through  the  material  annihilating  the  pre-existing  

defects  from  the  shock  and  also  generating  further  microstructural  defects  [15],  which  

include  dislocations,  twins,  and  phase  changes  [59],  [62].    A  significantly  strong  shock  

generates  release  waves  whose  interaction  induces  triaxial  tensile  pressure  and  the  nucleation  

of  voids.  The  region  in  which  this  interaction  primarily  occurs  is  known  as  the  spall  plane.  

Pre-existing  defects  such  as  grain  boundaries,  triple  junctions,  twins,  stacking  faults,  and  

interfaces  play  an  important  role  in  the  generation  of  voids,  yet  the  ability  to  understand  

and  predict  the  extent  of  the  role  each  of  these  imperfections  play  in  their  nucleation  is  

challenging  due  to  the  spatial  and  temporal  limits  of  current  experimental  methods  [21].    

While  Diagnostics  such  as  photon  Doppler  velocimetry  (PDV)  and  velocity  interferometer  

for  any  reflector  (VISAR)  are  able  to  measure  the  velocity  of  the  free  surface  as  a  function  

of  time,  allowing  for  analysis  and  measurement  of  the  spall  strength  of  the  material  [15],  
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[21],  [28],  [63],  [64],  previous  research  has  shown  that  this  information  alone  is  not  

sufficient  to  understand  damage  morphology    and  evolution  in  the  material  [65]–[67].    

There  are  multiple  cases  where  the  spall  strength  calculated  from  the  velocity-time  

information  is  similar  but  the  damage  profile  is  completely  different  [66],  [67].  At  the  

final  stage,  voids  grow  and  coalesce,  leading  to  the  onset  of  spallation.  While  access  to  

powerful  X-rays  at  the  dynamic  compression  sector  at  the  Argonne  National  Laboratory  

and  Linac  Coherent  Light  Source  along  with  other  international  facilities  is  becoming  more  

available  to  obtain  phase  contrast  imaging  or  diffraction  data  in-situ,  the  most  common  

method  used  to  understand  damage  formation  and  evolution    remains  sample  recovery  

coupled  with  post-mortem  characterization  of  spalled  samples  [28],  [63],  [68].    While  the  

straightforward  nature  of  these  spall  experiments  have  made  them  a  common  way  of  

studying  dynamic  fracture,  conflicting  results  of  spall  strength  have  been  reported,  especially  

in  heterogeneous  materials,  because  there  is  no  direct  way  to  measure  the  tensile  stress  

within  the  material  in-situ  [27]. 

In  general,  the  response  of  a  material  to  an  applied  shock  is  dependent  not  only  

on  its  microstructure  but  also  on  how  the  loading  parameters  like  pulse  duration,  shape  

and  tensile  strain  rate  couple  with  this  microstructure  [69]  .  In  order  to  decouple  these  

two  phenomena,  it  is  imperative  to  simplify  the  problem  by  initially  studying  simpler  

microstructures.    In  fact,  perhaps  due  to  this  argument,  the  majority  of  the  work  in  the  

field  of  shock  physics  has  focused  on  single  element  materials  like  Cu,  Ta  and  Al  without  

any  heterogeneities  or  impurities.  [55],  [61],  [70]–[73].  There  are  a  handful  of  studies  that  

have,  in  a  systematic  manner,  added  heterogeneities  to  the  materials  and  investigated  their  

dynamic  response  [66],  [71],  [74]–[78];  these  will  be  discussed  later  in  the  review.   
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The  goal  of  this  section  is  to  explore  and  evaluate  existing  literature  describing  the  

role  of  material  defects  and  heterogeneities  in  the  shock  and  spall  response  of  metals  and  

nonreactive  materials.  Simulations  and  experiments  have  traditionally  neglected  the  role  of  

these  heterogeneities  during  shock  due  to  a  combination  of  diagnostic  difficulties  and  

interest  in  other  behaviors  for  materials  under  shock.    As  interest  in  more  complex  materials  

grows,  it  is  crucial  to  include  heterogeneities  to  fully  develop  and  predict  material  

performance  during  shock.  While  there  is  a  myriad  of  material  imperfections,  including  

vacancies,  interstitials,  dislocations,  and  grain  boundaries,  in  this  paper,  heterogeneities  refer  

specifically  to  pre-existing  voids,  bubbles,  second  phase  particles,  and  other  inclusions.  

Throughout  this  literature  review,  we  evaluate  the  trends  and  themes  observed  regarding  

how  the  aforementioned  heterogeneities  alter  the  shock  and  spall  behavior,  both  

experimentally  and  computationally,  when  possible.   

2.2.1  Crystal  Orientation  Effects 

The  simplest  microstructures  to  study  are  single  crystals.    The  majority  of  work  in  

this  area  has  focused  on  understanding  the  effect  of  crystal  orientation,  tensile  strain  rate,  

pulse  shape,  and/or  dwell  time  on  the  dynamic  behavior  of  these  simple  materials.  FCC  

materials  have  been  extensively  studied,  with  aluminum  and  copper  being  favored  model  

materials.    Kanel  et  al.  [27]  found  that  single  crystal  aluminum  has  an  increase  in  spall  

strength  as  a  function  of  tensile  strain  rate.    Gas-gun  experiments  by  Chen  et  al.  [77]  on  

single  crystal  aluminum,  oriented  along  the  [100]  and  [111]  directions  suggested  an  

orientation  dependence  of  the  spall  strength  with  [100]  orientation  having  the  higher  spall  

strength  than  the  [111].  Although,  the  difference  was  attributed  to  the  fact  that  while  the  
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[100]  crystals  were  99.999%  pure,  the  [111]  crystal  had  small  amounts  of  impurities  like  

Si,  Fe,  B,  and  P.    As  a  follow  up  to  the  Al  study  performed  by  Chen  et  al.,  Owen  et  

al.  utilized  plate  impact  experiments  to  better  understand  the  spall  behavior  of  [100],  [110],  

and  [111]  Al,  finding  that  the  spall  strength  and  the  elastic-plastic  transition  stress  also  

termed  Hugoniot  Elastic  Limit  (HEL)  is  largest  for  the  [111]  orientation,  followed  by  the  

[110]  and  [100]  orientations.    Results  from  Owen  et  al.  [28]  were  contrary  to  those    of  

Chen  et  al.  [77]  and  were  recently  elaborated  upon  by  Millett  et  al.  [79],  who  agreed  with  

the  work  of  the  latter.  Gas-gun  experiments  by  Millet  et  al  [79]  on  single  crystal  Al  

demonstrate  a  dependence  on  orientation  for  post  shock  hardening,  with  [100]  orientation  

demonstrating  the  most  hardening,  followed  by  [110]  and  [111].  This  orientation  dependence  

is  associated  with  the  number  of  available  active  slip  systems  as  estimated  by  the  Schmidt  

factor  for  FCC  materials. 

Contrary  to  trends  in  Al,  the  dependence  of  spall  strength  is  different  in  copper.  

Work  by  Minich  et  al.  [71]  demonstrated  that  the  [100]  direction  of  single-crystal  copper  

had  the  highest  spall  strength,  followed  by  [110]  and  [111],  likening  this  phenomenon  to  

the  availability  of  active  slip  systems  relative  to  their  different  strain  hardening  rate.  A  

later  publication  by  Turley  et  al.  [80]  reiterated  that  the  [100]  direction  did  indeed  have  a  

higher  spall  strength,  also  revealing  that  the  [100]  direction  exhibited  a  more  rapid  spall  

formation  compared  to  other  orientations.    This  paper  also  highlighted  tensile  peak  stress  

and  tensile  strain  rate  as  key  parameters  that  affect  spall  strength  [80].    It  is  generally  

difficult  to  change  only  one  parameter  during  shock  loading  like  tensile  strain  rate  in  a  

systematic  manner  without  affecting  other  parameters  like  tensile  stress  or  pulse  duration  
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but  this  study  was  successfully  able  to  achieve  this  goal.    These  experimental  studies  are  

also  complemented  by  simulation  work  to  understand  the  dependence  of  spall  strength  on  

orientation.    Specifically,  molecular  dynamics  (MD)  simulations  by  Dongare  et  al.  [81]  on  

single  crystal  Cu  found  that  voids  nucleate  at  stacking  fault  intersections  in  the  spall  plane  

in  two  stages,  with  voids  first  nucleating  rapidly  and  then  slowly  coalescing.  This  result  

is  reaffirmed  by  Mackenchery  et  al.  [82]  who  utilized  MD  simulations  to  demonstrate  that  

single  crystal  Cu  deforms  via  twinning  partials  and  Shockley  partials  under  shock  loading  

and  the  nucleation  of  voids  at  stacking  fault  intersections.  Hence,  deformation  mechanisms,  

as  they  change  with  orientation,  could  have  a  significant  effect  on  spall  strength.   

The  crystalline  structure  itself  presents  another  facet  to  understanding  and  predicting  

shock  behavior.  Body  Centered  Cubic  (BCC)  metals  exhibit  both  lowest  density  of  mobile  

dislocations  and  the  slowest  rise  time  for  shock,  while  Face  Centered  Cubic  (FCC)  metals  

have  a  much  more  rapid  rise  time  and  a  large  number  of  available  deformation  systems.    

Low  symmetry  structures  like  Hexagonal  Close  Packed  (HCP)  metals  have  even  less  

available  slip  systems  than  BCC  or  FCC  metals  due  to  the  symmetry  of  their  structure,  

and  texture  can  also  play  an  important  role  in  their  deformation  behavior  [61].  In  high  

stacking  fault  energy  materials,  dislocation  networks  are  often  tangled  due  to  strain  

hardening;  conversely,  low  stacking  fault  energy  materials  such  as  Ta  develop  long  screw  

dislocations  throughout  the  material  due  to  a  decrease  in  shear  stress  behind  the  shock  

front  [83].    There  is  a  critical  shear  stress  at  which  twinning  can  occur,  but  it  is  dependent  

on  the  material  as  well  as  its  dislocation  density  and  texture  [84],  [85].  To  investigate  the  

orientation  dependence  of  twinning  in  tantalum,  McNaney  et  al.  [86]  utilized  electron  back-
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scattered  diffraction  (EBSD)  on  samples  that  were  shocked  along  the  [011]  direction,  which  

demonstrated  significant  twinning  while  [001]  orientations  showed  nearly  no  twinning.  

Similarly,  Pang  et  al.  [87]  explored  the  shock  behavior  of  tantalum  and  found  that  shock  

along  the  [011]  and  [111]  directions  induced  twinning  as  a  major  deformation  mechanism  

whereas  the  [001]  orientation  exhibited  insignificant  amount  of  twinning  behind  the  shock  

front.  The  [001]  orientation  also  exhibited  a  greater  HEL  and  spall  strength  compared  to  

the  [011]  and  [111]  orientations,  possibly  suggesting  that  twinning  reduces  the  spall  strength  

by  acting  as  location  for  void  nucleation.  Lu  et  al.  [88]  estimated  the  pressure  at  which  

deformation  transitions  from  slip  to  twinning  to  be  approximately  32-43  GPa    regardless  

of  orientation.  Contrary  to  these  studies,  work  by  Whiteman  et  al.  [89]  and  Hahn  et  al.  

[5]  suggested  that  the  spall  strength  is  the  actually  the  lowest  along  the  [001]  direction.    

Hahn  et  al.  [90]    note  that  this  is  likely  due  to  a  change  in  twin  density,  which  is  

dependent  on  strain  rate  and  pulse  shape,  which  determines  spall  strength,.    However,  it  

is  important  to  note  that  all  orientations  showed  twin  nucleation  and  growth  in  the  modeling  

work  by  Hahn  et  al.  [90]  suggesting  that  once  the  threshold  stress  for  deformation  to  be  

twin  based  is  crossed,  the  orientations  can  have  varying  amounts  of  twin  density.    In  

general,  while  the  processes  by  which  deformation  occurs  have  been  probed  anecdotally,  

with  a  variety  of  parameters  able  to  influence  whether  slip  or  twinning  is  dominant  and  

the  interplay  between  deformation  and  material  dynamic  behavior,  their  effect  on  spall  

formation  still  remains  underappreciated.   
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2.2.2.  Polycrystallinity  Effects 

As  defects  such  as  grain  boundaries  are  added  to  the  crystals,  the  orientation  of  the  

grains  themselves  becomes  less  important  in  dictating  dynamic  strength.  Polycrystallinity  

has  also  a  significant  effect  on  spalling.  Grain  boundaries  have  been  long-postulated  to  

alter  the  spall  behavior  of  a  material,  but  simple  parameters  like  boundary  energy  and  

excess  volume  have  been  found  not  to  correlate  with  spall  strength  [43].  MD  simulations  

of  copper  bi-crystals  show  that  varying  the  orientation  of  both  boundaries  and  grains  can  

generate  anisotropy  during  both  elastic  and  plastic  deformation,  leading  to  strong  stress  

concentrations  and  differing  spall  strengths  as  a  function  of  orientation  [44].    Similar  to  

the  simulations,  shock  recovery  experiments  on  copper  bi-crystals  reveal  an  orientation  

dependence  of  deformation  twinning  based  on  the  deviatoric  stress  induced  by  the  shock  

relative  to  the  energetically  favorable  formation  of  Shockley  partial  dislocations  [45].  The  

orientation  of  the  grain  boundaries  with  respect  to  the  shock  direction  has  also  been  shown  

to  affect  void  nucleation  at  the  boundaries.    Specifically,  boundaries  oriented  normal  to  the  

shock  front  were  found  to  be  ten  times  more  likely  to  nucleate  a  void  compared  with  

boundaries  oriented  parallel  to  the  loading  direction  due  to  differences  in  dissipation  

mechanisms  for  applied  stress  [46].  Void  nucleation  generally  occurs  at  large  inclusions,  

interfaces,  grains  boundaries  and  junctions,  and  vacancy  complexes  via  dislocation  loop  

emission  depending  on  the  applied  stress.  MD  simulations  by  Zhang  et  al.  [47]  on  S5  

grain  boundaries  in  a  Cu  bi-crystal  indicate  that  partial  dislocation  loops  nucleate  and  

propagate  from  grain  boundaries  while  cracks  tend  to  nucleate  along  the  grain  boundary  

plane,  thus  leading  to  brittle  failure.  Fortin  et  al.  [48]  performed  flyer-plate  impact  

experiments  on  Cu  bi-crystals  with  a  42o  misorientation,  showing  that  the  pulse  duration  
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and  amplitudes  during  shock  loading  may  alter  the  preference  for  intergranular  or  

intragranular  damage  nucleation.  While  further  work  is  underway,  Fortin  et  al.  [48]  also  

hypothesized  that  damage  kinetics  likely  accelerated  at  grain  boundaries,  hence  the  apparent  

preference  for  void  nucleation  and  growth  within  grain  boundaries  [49].  MD  simulations  

of  S11  grain  boundaries  in  Cu  bi-crystals  by  Fensin  et  al.  [50]  emphasized  the  localized  

nature  of  plasticity  at  grain  boundaries  by  showing  that  the  amount  of  plastic  deformation  

during  shock  loading  is  dissimilar  for  ordered  and  disordered  grain  boundaries  with  the  

same  misorientation.  For  model  cubic  materials  Cu  and  Ta,  the  sequence  of  void  nucleation,  

growth,  and  coalescence,  differs  due  to  the  different    availability  of  slip  systems  in  each  

material;  for  Cu,  voids  were  found  to  form  along  grain  boundaries  (preferably  high-angle  

boundaries)  while  Ta  mainly  exhibited  intragranular  damage  [51].    A  systematic  study  of  

74  tantalum  bi-crystals  by  Chen  et  al.  [52]  to  understand  the  role  played  by  grain  boundary  

structure  during  spallation  shows  that  while  there  was  no  direct  correlation  between  average  

grain  boundary  properties  such  as  energy,  excess  volume,  and  spall  strength,  there  was  a  

correlation  between  grain  boundary  structure  and  spall  strength  [52].  Specifically,  a  

dependence  of  spall  strength  on  misorientation  angle  was  identified,  with  spall  strength  

being  higher  for  grain  boundaries  whose  normal  direction  is  close  to  the  [100],  [111],  and  

[112]  directions.  Further  study  of  Ta  bi-crystals  via  MD  reveals  that  as  the  misorientation  

angle  increases,  there  are  transitions  between  void-nucleation-dominated  failure  and  void-

coalescence-dominated  failure  as  well  as  slip-mediated  deformation  and  twinning-mediated  

deformation  [53].  Earlier  experiments  by  Escobedo  et  al.  [54]  echo  these  results,  showing  

that  S1  (low-angle  grain  boundaries)and  S3  (coherent  twin  boundaries)  in  Cu  less  likely  

to  nucleate  voids,  implying  that  these  particular  boundaries  are  likely  to  be  stronger  [54].  
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Such  a  trend  was  also  observed  by  Peralta  et  al.  [55],  [56]  in  Cu.  Within  the  past  decade,  

quantitative  analyses  have  demonstrated  a  preference  for  failure  at  grain  boundaries,  as  

demonstrated  in.  Fig.  2-3  [57]–[59],  highlighting  the  role  of  dislocation  emission  as  a  

mechanism  for  dissipation  during  void  nucleation  [58].   

 

 

Figure  2-3:  Spalling  voids  in  copper  forming  preferentially  at  grain  boundaries. 

 

Meyers  [60]–[62]  and  Meyers  and  Carvalho  [63]  proposed  that  the  shock  front  was  

affected  by  the  polycrystallinity  of  the  material  and  acquired  an  irregular  configuration.  

This  concept  had  been  originally  expressed  in  a  qualitative  manner  in  Meyers’  [60]  doctoral  

dissertation  and  informally  named  “wavy  wave”  configuration  (Figure  2-4a).  These  

irregularities  are  due  to  differences  in  velocity  between  crystalline  orientations,  internal  



 28 
 
 
 

reflections  and  other  dispersive  effects.      Calculations    were  performed    showing  that  the  

shock-front  width  increased  with  increasing  grain  size,  for  the  same  travel  distance.  Figure  

2-4b  shows  the  dispersion  of  the  shock  front  after  the  passage  of  the  shock  wave  through  

150  grains.  Atomistic  simulations  of  shock  wave  propagation  in  nanocrystals  were  carried  

out  by  Bringa  et  al.  [64],  and  show  that  the  width  of  the  wave  front  is  indeed  a  function  

of  grain  size,  pressure,  and  time.  The  atomistic  calculations  match  the  analytical  calculations  

of  Meyers  [62]  and  Meyers  and  Carvalho  [63]  for  the  width  of  the  shock  front  for  

polycrystalline  copper  which,  in  turn,  agree  with  measurements  of  Jones  and  Holland  [65]  

in  the  microcrystalline  regime.  The  simulations  suggest  that  the  effect  of  grain  boundaries  

in  the  width  of  the  wave  front  is  small  compared  to  the  effect  of  anisotropy  from  crystal  

to  crystal.  This  is  the  reason  why  the  continuum  model  by  Meyers  [60]–[62]  was  able  to  

predict  the  front  dispersion  due  to  polycrystallinity.  The  dispersion  of  the  wave  calculated  

by  MD,  represented  by  the  shock-front  width  normalized  to  the  grain  size,  Δz/d,  versus  

grain  size,  at  three  shock  pressures  (22,  34,  and  47  GPa)  is  shown  in  Fig.  2-4c.  This  

shows  that  the  normalized  shock-front  thickness  decreases  with  increasing  grain  size  and  

with  increasing  pressure,  whereas  the  absolute  (un-normalized)  shock-front  width  decreases  

with  decreasing  grain  size.  The  comparison  of  simulations,  experimental  measurements  by  

Jones  and  Holland  [65],  and  analytical  calculations  by  Meyers  and  Carvalho  [63]  are  shown  

in  Fig.  2-4d.  It  can  be  seen  that  they  all  predict  these   
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Figure  2-4:  Effect  of  polycrystallinity  on  shock-wave  propagation;  (a)    Qualitative  “Wavy  
Wave”  concept;  (b)  Shock  front  variation  due  to  the  propagation  through  different  grain  
orientations,  each  with  a  characteristic  velocity  (from  Meyers  and  Carvalho  [63]);  
Variation  in  front  irregularity,  Δz/d  with  grain  size  d  (from  Bringa  et  al.  [64]);  (d)  
Comparison  of  experimental,  analytical  calculations,  and  MD  predictions  (the  latter,  
multiplied  by  3)  stress  rise  times  with  propagation  distance  (from  Jones  and  Holland  
[65]).       
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irregularities.  It  should  be  noted  that  as  the  pressure  is  increased  much  beyond  the  HEL,  

these  differences  become  irrelevant  and  a  response  close  to  hydrodynamic  establishes  itself.     

In  polycrystalline  materials,  the  dynamic  response  can  be  altered  by  texture,  grain  

size  and  types  of  boundaries  present  [19].  In  fact,  interest  in  polycrystalline  materials  has  

grown  in  the  shock  community  in  recent  years  due  to  observations  which  conflict  with  the  

well-known  Hall-Petch  relationship  [66],  [67]: 

 

σ' = σ( +
)!
*+"

                      (1) 

 

where  σ'  is  the  dynamic  yield  strength,  d,  is  the  grain  size,  and  σ(  and  k'  are  material  

constants.    The  relationship  between  spall  strength  and  length  scale  was  summarized  by  

Meyers  [110],  but  several  studies  have  produced  results  contrary  to  the  traditional  Hall-

Petch  relation  [71],  [102],  [105],  [111]–[115].    Minich  et  al.  [71]  postulated  that  the  surface  

area  of  grain  boundaries  decreases  as  the  grain  size  increases,  which  reduces  the  number  

of  void  nucleation  sites  and  thus  increases  the  spall  strength,  but  asserted  that  transgranular  

void  formation  in  finer-grained  samples  needs  to  be  further  examined.  Localization  of  

intergranular  damage  in  Cu  showed  that  grain  boundaries  with  misorientations  between  25o  

and  50o  were  preferred  damage  nucleation  sites  [105].  One  potential  resolution  of  conflicting  

results  around  the  Hall-Petch  formulation  may  be  that  the  fraction  of  special  grain  

boundaries,  such  as  S1  and  S3  in  Cu  that  are  mostly  immune  to  void  nucleation,  influences  

the  spall  strength  to  such  an  extent  that  if  the  number  of  special  boundaries  is  not  

controlled,  significant  decrease  in  special  boundaries  with  an  increase  in  grain  size  would  

alter  the  number  of  potential  nucleation  sites  [102].    While  S1,  S3,  and  low  angle  grain  
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boundaries  may  meet  criteria  for  secondary  slip,  high  angle  grain  boundaries  and  disordered  

grain  boundaries  develop  stress  concentrations  due  to  dislocation  pile  ups,  thus  increasing  

their  likelihood  to  be  sites  for  failure  [112],  [113],  [116].  This  change  in  deformation  

mechanism  due  to  a  change  in  grain  size  can  eventually  alter  the  dynamic  strength  of  a  

material.  Brown  et  al.  [117]  noted  that  a  decrease  in  spall  strength  of  the  bulk  material  

diminishes  the  localization  of  voids  at  grain  boundaries  since  other  damage  nucleation  sites  

in  the  spall  plane  can  “compete”  with  grain  boundaries.  Many  works  have  focused  on  

clarifying  this  effect  although  they  are  contradictory  to  each  other.  Escobedo  et  al.  [102]  

attribute  this  to  measurements  taken  during  shock  experiments  in  which  complete  failure  

is  observed,  where  the  interplay  between  many  parameters  and  mechanisms  plays  an  

important  role,  thus  suggesting  that  continued  exploration  of  this  field  requires  careful  

consideration  of  the  phenomena  of  interest.       

Reducing  the  grain  size  has  been  shown  to  drastically  change  the  deformation  

mechanisms  under  shock  loading.  In  general,  nanocrystalline  materials  demonstrate  a  low-

work  hardening  rate,  increased  ductility,  shear  localization,  and  twinning,  as  reviewed  by  

Meyers  et  al.  [118].  Tang  et  al.  found  that  during  compression  at  strain  rates  of  108–109  

s−1,  there  is  an  inverse  dependence  of  flow  stress  on  grain  size  in  nanocrystalline  Ta,  

attributed  to  a  decrease  in  grain  boundary  sliding  and  an  increase  in  dislocation  motion  as  

grain  size  increases  [119].    Wilkerson  and  Ramesh  [120],  [121]  successfully  derived  a  

quantitative  model  applicable  to  very  high  strain  rates,  i.e.  104  s-1  and  beyond,  to  define  

multiple  regimes  where  1)  the  Hall-Petch  behavior  is  followed,  2)  strength  scales  inversely  

to  the  Hall-Petch  law,  and  3)  grain  size  no  longer  matters  [120],  [121].  For  dynamic  

failure,  a  reduction  in  grain  size  has  been  found  to  be  controversial  as  discussed  above.    
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MD  simulations  have  been  used  to  try  to  resolve  these  contradictory  results  further.    

Specifically,  Bringa  et  al.  found  voids  to  preferentially  nucleate  at  grain  boundaries  in  

nanocrystalline  Cu,  which  grow  and  coalesce,  eventually  elongating  along  the  boundary  and  

acting  as  a  crack  [122].  Additionally,  grain-size  dependent  slip-twinning  transition  pressure  

has  been  identified  via  constitutive  modeling  and  experiments  on  Ta  [88]  and  observed  via  

MD  simulation  [123].  A  review  of  nanocrystalline  materials  under  shock  loading  by  Hahn  

et  al.  thoroughly  outlines  recent  findings  in  deformation  in  relation  to  grain  size,  particularly  

nanocrystalline  materials  and  the  prevalence  of  grain  boundary  sliding  versus  dislocation  

motion,    as  well  as  the  critical  size  at  which  the  traditional  Hall-Petch  slope  turns  over  

to  become  negative  [56].   

While  grain  size  is  important  in  determining  the  dynamic  strength  of  a  material,  

the  texture  of  the  grains  also  matters.  For  example,  forged  Armco-iron  showed  an  increase  

in  spall  strength  in  comparison  to  the  same  as-received  material,  approaching  the  strength  

of  single  crystal  Fe  likely  due  to  the  dramatic  decrease  in  grain  size  and  texture  from  the  

forging  process  [124].  Later  experiments  comparing  pure  rolled  iron  to  annealed  iron  

showed  a  greater  HEL  and  a  decrease  in  spall  strength  for  annealed  Fe  due  to  an  increase  

in  the  number  of  sites  available  for  void  nucleation  for  the  annealed  material  [125].  Earlier  

experiments  found  a  similar  trend  for  both  annealed  vanadium  and  tantalum,  attributed  to  

the  effect  of  annealing,  which  generates  a  more  homogeneous  grain  structure  in  comparison  

to  rolled  material  [126].  Peralta  et  al.  [127]  examined  the  role  of  grain  texture  in  

polycrystalline  copper,  finding  that  columnar  samples  experience  transgranular  damage  while  

more  equiaxed  grains  tended  to  nucleate  intergranular  damage;  a  noticeable  difference  in  

spall  strength  across  grain  boundaries  due  to  anisotropy  and  impedance  mismatch  was  also  
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reported.    Simulations  of  vapor-deposited  and  cold-rolled  Al  were  also  performed,  

emphasizing  the  importance  of  material  heterogeneity  due  to  differences  in  texture  and  its  

effect  on  wave  profile  [128].  An  exemplary  systematic  study  by  Gray  et  al.  [129]  found  

that  the  dynamic  response  of  the  additively  manufactured  (AM)  316L  stainless  steel  was  

altered  based  on  the  microstructure  generated  during  the  additive  process.    Specifically,  

three  materials  were  studied  wrought  316L  SS,  AM-as-built  316L  SS,  annealed  AM-as-

built  316L  SS  with  microstructures  varying  from  equiaxed  to  fine-scaled  dendritic  

microstructure  [129].    This  work  showed  that  recrystallized  AM  316L  SS  exhibited  the  

highest  spall  strength  and  a  typical  spall  plane  at  the  region  of  peak  tensile  while  the  

AM-as-built  316L  SS  tended  to  nucleate  damage  throughout  the  sample,  outside  regions  of  

peak  tensile  load,  likely  due  to  the  microstructure  which  seemingly  alters  the  mechanism  

for  damage  nucleation  [129].  Varying  the  processing  of  materials  has  shown  that  the  

nucleation,  growth,  and  coalescence  of  damage  is  dependent  on  the  grain  size  and  texture;  

materials  that  undergo  solid  phase  changes,  particularly  under  shock  loading  further  

complicate  our  understanding  of  deformation  under  shock  loading.   

Polymorphic  materials  exhibit  a  three-wave  structure  under  shock  compression.  When  

the  stress  exceeds  the  phase  transformation  stress  of  the  material,  a  visible  kink  in  their  

shockwave  profile  due  to  phase  changes  can  be  observed  [125],  [130].    The  alpha-epsilon-

alpha  (fcc-hcp-fcc)  phase  transformation  during  shock  in  Fe  plays  an  important  role  in  

determining  its  spall  behavior  as  evidence  of  this  phase  change  is  found  to  be  local  to  

the  spall  surface  in  recovery  experiments  [131],  [132].  A  multi-scale  model  of  a  generalized  

two-phase  material  shows  that  failure  initiation  sites  are  likely  to  be  localized  around  the  

hard  phase  while  bands  of  soft  phase  intersect  along  directions  of  shear;  there  is  a  critical  
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stress  at  which  fracture  initiation  is  dominated  by  the  soft  phase  and  is  a  function  of  the  

hard  phase  volume  fraction  as  well  as  the  contrast  between  mechanical  properties  of  the  

materials  [133].    Dual-phase  stainless  steel  has  an  HEL  similar  to  softer  austenite,  but  the  

harder  ferrite  phase  dominates  the  yield  stress  at  lower  strain  rates,  with  anisotropy  and  

mismatch  between  these  phases  generating  large  shear  deformations  [134].  While  dual  phase  

stainless  steel  exhibited  void  nucleation  at  phase  boundaries  [134],  Ti-6Al-4V  demonstrated  

void  nucleation  predominantly  within  the  a  phase  or  at  grain  boundary  triple  points  with  

higher  differences  in  orientation,  and  a  corresponding  decrease  in  strength  with  an  increase  

in  the  content  of  a  phase  [135].  This  is  similar  to  behavior  observed  in  dual-phase  steels,  

where  voids  nucleate  at  phase  boundaries  and  HEL  is  dominated  by  austenite  [134].  All  

the  above  observations  on  the  deformation  behavior  and  the  subsequent  dynamic  strength  

can  be  subsequently  altered  by  the  presence  of  heterogeneities.    In  fact,  previous  works  

have  shown  that  void  nucleation  occurs  hierarchically  at  inclusions,  interfaces,  grain  

boundaries  and  junctions,  and  vacancy  complexes  [122].  However,  when  heterogeneities  are  

located  at  grain  boundaries  this  behavior  will  change  again  as  will  be  discussed  below.     

In  addition  to  the  microstructure,  it  is  important  to  also  understand  how  the  specific  

loading  conditions  such  as  pulse  shape,  duration  and  strain  rate  couples  with  the  

microstructure.  Koller  et  al.  [136]  observed  a  strong  dependence  of  spall  strength  on  

loading  and  unloading  shock  profiles,  as  well  as  peak  stress  and  tensile  pulse  duration,  yet  

they  note  that  further  experiments  are  required  to  elucidate  upon  the  damage  processes  (via  

second  shock)  and  release  time  (via  wave-shape-tailoring).  Similarly,  Gray  et  al.  [137]  

found  a  strong  reliance  of  the  spall  strength  on  shockwave  profile  for  316L  stainless  steel,  

with  triangular-wave  loading  requiring  twice  the  peak  pressure  of  a  square  wave  before  
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incipient  spall  was  observed,  but  no  emphasis  was  placed  on  the  defect  characteristics  of  

316L  stainless  steel,  likely  due  to  the  challenges  in  understanding  deformation  models,  

even  in  pure  materials  [137].  MD  simulations  of  copper  showed  that  a  compression  pulse  

with  a  square  shape  versus  one  with  a  triangular  shape  shifts  the  damage  from  void  

nucleation  to  shear  localization  [138].  Experiments  and  hydrocode  simulations  of  Cu  

demonstrate  that  strain  rate  and  pulse  shape  were  not  found  to  alter  the  spall  strength  

significantly  [139].  Large  scatter  between  peak  stress  and  spall  strength  is  prevalent  

throughout  the  literature  [80],  but  much  of  this  work  focuses  on  FCC  materials.  Conflicting  

reports  of  the  role  played  by  tensile  strain  rate  and  pulse  shape  have  also  been  made  for  

BCC  materials.  Jones  et  al.  [140]  found  that  strain  rate  and  pulse  shape  do  not  alter  the  

spall  strength,  as  measured  from  the  velocity-time  information,  for  tantalum  via  gas  gun  

experiments,  but  the  total  amount  of  damage  in  each  sample  was  found  to  vary  as  a  

function  of  both  peak  stress  and  compressive  strain-rate.    Specifically,  a  larger  quantity  

and  size  of  voids  was  correlated  to  increased  peak  stress  while  strain  rate  was  found  to  

alter  damage  evolution  where  higher  strain  rates  led  to  voids  remaining  in  the  nucleation  

and  growth  phase  while  lower  strain  rates  induced  void  coalescence  [140].  Conversely,  as  

illustrated  in  Figure  2-3,  the  spall  strength  increases  with  compressive  strain  rate  [28],  [29].  

Similar  trends  have  been  realized  for  magnesium  [63]  and  copper  [80].    The  complex  

interplay  between  spall  strength,  strain  rate,  and  grain  size  in  Ta  is  also  illustrated,  and  

the  combination  of  present  work  and  previous  work  plotted  by  Remington  et  al.  [28]  in  

Figure  2-5  demonstrates  the  large  amount  of  experiments  needed  to  begin  drawing  

conclusions  regarding  spall  strength  and  the  multitude  of  factors  that  alter  it.  An  important  

recurring  theme  throughout  the  literature  is  the  need  for  development  of  additional  
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experimental  in-situ  diagnostics  to  advance  the  capabilities  of  these  shock  experiments.  

Another  recurring  theme  throughout  the  field  of  shock  is  the  influence  of  compressive  

strain  rate  on  the  dynamic  behavior  of  materials.  A  2012  review  by  Gray    [141]  concludes  

that  the  influence  of  strain  rate  is  multifaceted.  First,  in  low-stacking  fault  energy  FCC  

metals,  increasing  strain  rate  produces  more  uniform  dislocation  distributions,  which  tend  

to  be  planar,  lacking  formation  of  discrete  dislocation  cells  and  increasing  local  

misorientation.  In  high-stacking  fault  energy  FCC  metals,  increasing  strain  rate  leads  to  

deformation-twin  formation  while  slip  tends  to  be  preferred  at  lower  strain  rates.  Shock  

loading  and  increased  strain  rate  correspond  to  an  increase  in  dislocation  jog,  dislocation  

velocity,  and  therefore,  point  defect  generation.  The  substructure  of  materials  and  the  

dislocations  observed  therein  are  heavily  influenced  by  changes  in  strain  rate  and  temperature  

[141],  though  it  is  clear  that  future  studies  ought  to  consider  the  entire  loading  path  of  a  

material  rather  than  only  free  surface  measurements  as  the  field  grows  [140].  The  importance  

of  loading  path  is  exemplified  by  Bourne,  et  al.  [142]  via  gas  gun  experiments  whose  

results  correlate  hardening  of  a  material  substructure  with  an  increase  in  spall  strength,  

implying  that  the  processes  under  shock  compression  somehow  relate  to  the  processes  

underlying  spallation.  While  there  is  significant  work  to  be  done  to  generalize  a  model  for  

tensile  failure,  performing  systematic  and  thorough  studies  of  materials  under  shock  loading  

will  certainly  aid  in  the  process  of  creating  and  validating  such  a  model.     
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Figure  2-5:  Both  computational  and  experimental  results  of  Ta  demonstrate  an  increase  
in  spall  strength  with  strain  rate.  The  role  of  grain  size  is  also  summarized,  with  single  
crystal  Ta  being  strongest  until  a  strain  rate  of  ~1011  s-1.  Adapted  from  Remington  et  
al.  [11]. 
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2.2.3.  Pre-existing  Heterogeneities  &  Shock 

The  shock  and  spall  behavior  of  materials  has  been  reviewed  extensively  but  a  

major  recurring  theme  is  the  lack  of  systematic  studies  specifically  addressing  the  effect  

of  pre-existing  heterogeneities  on  this  behavior  [21],  [55],  [56],  [61],  [63],  [70],  [141],  

[143].  Much  of  the  work  in  this  field  has  explored  experimental  and  modeling  tools  to  

eventually  be  able  to  predict  material  failure  under  extreme  conditions.    Reviews  published  

as  recently  as  2020  emphasize  that  the  role  of  second  phase  particles  and  inclusions  is  

understudied  due  to  the  challenges  of  isolating  such  microstructural  parameters  via  

experiments  [63].  To  understand  the  role  of  pre-existing  heterogeneities  on  the  shock  

behavior  of  materials,  we  begin  by  examining  inclusions,  precipitates,  and  second-phase  

particles.  We  then  proceed  to  outline  the  role  of  pre-existing  voids,  briefly  extending  this  

study  to  the  extreme  case  of  distended  materials.   

2.2.3.1.  Inclusions:  Second-Phase  Particles,  Precipitates,  and  Bubbles 

The  role  of  inclusions  on  shock  and  spall  behavior,  particularly  spall  strength,  has  

been  addressed  for  several  multi-component  systems  via  both  experiments  and  simulations.  

Extensive  work  has  been  performed  to  understand  the  behavior  of  FCC  materials  under  

shock  loading.  As  the  field  of  shock  developed,  interest  in  alloys  containing  precipitates  

was  apparent,  though  the  systematic  nature  needed  to  fully  characterize  the  behavior  was  

yet  to  be  established.  Murr  and  Foltz  [144]  investigated  the  shock  deformation  of  Inconel  

600  alloy  to  understand  how  precipitates  of  Cr  and  Fe  altered  the  dynamic  behavior  of  

Ni.  Their  experimental  campaign  aimed  to  understand  if  such  inclusions  would  reduce  

dislocation  mobility  or  act  as  additional  dislocation  sources;  both  dislocation  sources  and  
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dislocation  sinks  were  generated  at  particle-matrix  interfaces  and  identified  via  TEM.  

Microstructural  characterization  shown  in  Figure  2-6a  exemplifies  how  microstructure  had  

been  historically  characterized  prior  to  shock  loading;  while  the  sound  speed  and  bulk  

composition  were  known,  the  existing  microstructure  was  characterized  via  grain  size  

measurement  and  TEM  imaging,  neglecting  precipitate  composition,  thus  limiting  the  extent  

to  which  the  role  of  microstructure  can  be  evaluated  [144].  Usually,  simple  measurements  

of  density  and  sound  speed  are  used  to  assess  the  effect  of  chemistry/composition  on  the  

dynamic  response  of  materials.  Results  shown  in  Figures  2-6b  and  2-6c,  mainly  consisting  

of  TEM  images,  show  profuse  dislocations  concentrated  around  the  precipitates.  Though  

specific  composition,  void  growth,  and  velocimetry  data  was  not  measured,  it  is  clear  that  

precipitates  played  an  important  role  in  dislocation  generation  under  shock  loading  [144].  

While  the  interest  in  the  role  of  inclusions  during  shock  loading  has  arisen  throughout  the  

literature,  the  systematic  means  of  study  required  to  understand  this  phenomenon  has  been  

lacking  until  recently. 

 

Figure  2-6:  (a)  Unshocked  Inconel  microstructure  showing  precipitates  and  dislocations.  
(b)  Residual  microstructure  of  Inconel  following  0.5  GPa  shock.  Dislocations  appear  
concentrated  around  precipitates.  (c)  After  2.0  GPa  shock  loading,  the  precipitates  remain  
intact  with  profuse  networks  of  dislocations  concentrated  around  them.  From  Murr  [96]. 
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Studies  continue  to  focus  on  FCC  materials,  particularly  Al  and  Cu.  Gas  gun  

experiments  by  Gray  [145]  on  a  Cu  matrix  containing  Nb  precipitates  at  a  peak  shock  

pressure  of  10  GPa  demonstrated  a  decrease  in  shock  hardening  in  comparison  to  Cu  due  

to  the  differing  compressive  strain  rate  and  temperature  sensitivities  between  FCC  Cu  and  

BCC  Nb,  which  likely  results  in  an  increase  in  defects  stored  in  the  Cu  matrix  [145].  

Further  investigations  by  Hixson  et  al.  [74]  utilized  gas  gun  experiments  and  simulations  

to  elucidate  the  spall  behavior  of  a  Cu-Nb  system.  The  inclusion  morphology  was  well-

documented,  which  allowed  for  the  trends  in  free  surface  velocity  to  be  linked  to  

microstructure.  The  Cu/Nb  system  appeared  indistinguishable  from  OFE  Cu,  thus  revealing  

the  need  for  systematic  experiments  where  samples  are  recovered  and  thoroughly  

characterized  post-mortem  [74].  To  better  understand  the  deformation  mechanisms  of  Cu-

Nb  systems,  Cu-Nb  nanocomposites  were  studied  via  gas  gun  experiments  where  the  initial  

material  microstructure  consisted  of  135  nm  thick  layers  alternating  between  Cu  and  Nb  

[146].  The  composite  material  demonstrated  a  reduced  spall  strength  compared  to  either  

single  phase  Cu  or  Nb,  and  spall  failure  was  attributed  to  wave  reflections  at  Cu-Nb  

interfaces  which  led  to  the  nucleation,  growth,  and  coalescence  of  voids  within  the  Cu  

layers  [146].   

Fensin  et  al.  [66]  also  examined  the  role  of  Nb  (harder  second  phase,  FCC/BCC  

interface)  and  Ag  (softer  second  phase,  FCC/FCC  interface)  using  plate  impact  experiments.  

Cu  +  24  wt.  %Ag  developed  a  eutectic  microstructure,  as  shown  in  Figure  2-7a,  whereas  

the  Cu  +  15  wt.  %  Nb  formed  elongated  inclusions  of  Nb.  The  recovered  specimens  are  

shown  in  Figure  2-7b.  These  micrographs  were  used  to  quantify  the  total  damage  during  



 41 
 
 
 

spall.  The  CuAg  material  displayed  the  largest  void  area,  related  to  silver’s  preference  for  

twinning  (which  generated  nucleation  sites)  and  an  increased  void  growth  in  small-grained  

euctectic  materials.    There  were  nearly  twice  the  number  of  voids  formed  in  CuAg  in  

comparison  to  Cu,  though  their  diameters  were  relatively  similar.  Conversely,  CuNb  

nucleated  the  lowest  number  of  voids,  although  the  void  area  of  the  CuNb  material  was  

similar  to  that  of  Cu;  the  Nb  particles  induced  void  growth  in  the  local  Cu  matrix.  Figures  

2-7c-e  outline  the  changes  in  spall  strength  and  HEL  for  these  materials.  The  CuAg  

material  displayed  a  6%  increase  in  spall  strength,  possibly  due  to  extensive  twinning  in  

Ag;  the  CuNb  displayed  a  26%  increase  in  spall  strength  in  comparison  to  polycrystalline  

Cu,  likely  due  to  Nb  acting  as  a  barrier  to  dislocation  motion,  inducing  precipitation  

hardening.  The  significant  differences  in  material  microstructures  likely  altered  the  spall  

strength  and  the  preferred  nucleation  and  growth  of  damage  in  the  material.  This  study  

emphasized  the  importance  of  different  microstructures  in  controlling  the  dynamic  behavior  

of  metals.    Specifically,  this  work  showed    that  not  all  “bi-materials”  behave  in  a  similar  

way  and  that  depending  on  the  impedance  mismatch  between  the  materials  the  damage  

nucleation  and  growth  can  be  completely  different  [66].   

MD  simulations  provide  a  crucial  means  of  examining  the  in-situ  behavior  of  

materials  undergoing  shock  loading.  MD  simulations  of  nanocrystalline  Cu  embedded  with  

Ta  clusters  (harder  second  phase,  FCC/BCC  interface)  under  shock  loading  revealed  that  

FCC  Ta  clusters  are  more  likely  to  form  than  BCC  Ta  clusters  at  radii  less  than  4.0  nm  

due  to  the  FCC  structure’s  lower  formation  energy;  the  presence  of  FCC  Ta  leads  to  a  

higher  dislocation  density  in  the  nc-Cu/Ta  system  [147].  While  Ta  is  a  BCC  material,  
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Figure  2-7:  (a)  The  initial  microstructure  of  Cu-24%Ag  (top)  and  Cu-15%Nb  (bottom),  
where  white  regions  in  the  top  images  show  Ag  and  grey  particles  in  the  bottom  images  
show  Nb.  (b)  Micrographs  of  cross  section  of  spalled  Cu,  CuAg,  and  CuNb.  Respectively  
from  top  to  bottom,  with  the  spall  plane  located  approximately  central  to  each  sample.  
The  red  box  notes  where  analysis  was  performed  to  calculate  void  diameter  via  ImageJ.  
(c)  The  free  surface  velocity  of  the  Cu,  CuAg,  and  CuNb  systems  under  shock  loading.  
(d)  The  HEL  is  displayed  in  (d)  while  (e)  depicts  the  free  surface  velocity  rise  following  
the  minimum  boxed  in  red  in  (c).  From  [13]. 
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probing  the  stability  of  an  FCC  phase  was  of  interest  due  to  the  nanometer-scale  cluster  

sizes  required  by  MD  simulations.  Despite  microstructural  differences,  the  shock  and  

spallation  behavior  are  quite  similar  for  both  BCC  and  FCC  Ta  clusters,  though  voids  

nucleated  at  the  Cu-Ta  interfaces  during  spall,  illustrated  in  Figures  2-8a-f.    A  strengthening  

effect  due  to  high  concentrations  of  small  Ta  clusters  more  effectively  limits  plastic  

deformation,  leading  to  an  increased  spall  strength.  The  variations  in  spall  strength  are  

shown  in  Figure  2-8g,  with  spall  strength  decreasing  as  defect  size  increases,  particularly  

for  increased  Ta   

 

   

Figure  2-8:  (a-e)  Deformation  of  nc-Cu/Ta  systems  at  a  particle  velocity  of  1.0  km/s.  
Atoms  are  colored  green  for  Cu  FCC  stacking,  red  for  stacking  fault,  yellow  for  twin  
faults,  light  blue  for  twinning  partials,  blue  for  disordered  atoms,  purple  for  Ta  atoms,  
and  orange  for  a  surface.  Left  images  (a,  c,  e)  are  taken  at  10  ps  while  right  images  
(b,  d,  f)  are  taken  at  peak  tensile  stress  at  30  ps.  (a,  b)  Pure  nc-Cu.  (c,  d)  FCC  Ta  
Clusters  and  (e,  f)  BCC  Ta  clusters.  An  overall  concentration  of  6.3%  of  Ta  and  an  
average  grain  diameter  of  3.0  nm.  (g)  Spall  strength  of  nc-Cu/Ta  systems  as  a  function  
of  Ta  concentration.  From  [99]. 
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concentrations.  While  grain  size  played  a  more  significant  role  in  spallation  of  the  Cu/Ta,  

the  number  of  Ta  clusters  and  their  size  relative  to  the  Cu  grain  size  is  the  most  dominant  

determinant  for  the  spall  strength  in  nc-Cu/Ta  microstructures  [147].  Similar  to  investigations  

of  Cu-Nb,  multilayered  Cu/Ta  microstructures  have  also  been  examined  to  isolate  the  role  

of  the  interfaces  between  the  materials  [148].  Flat  interfaces  generate  deformation  similar  

to  single  crystal  Cu,  enhance  twinning  in  Cu  layers,  and  demonstrate  an  increase  in  spall  

strength  whereas  faceted  interfaces,  which  more  closely  resemble  inclusions,  activate  low  

Schmid  factor  secondary  slip  systems  and  lead  to  significant  complex  networks  of  twins  

throughout  the  multilayered  microstructure.  The  lowest  spall  strengths  correlate  with  

interface-assisted  heterogeneous  dislocation  nucleation  for  layers  sizes  less  than  6  nm  while  

larger  interface  spacing  displays  homogeneous  dislocation  nucleation  [148].  Thus,  the  

strength  of  a  material  can  be  weakened  or  strengthened  depending  on  interface  structure  

and  spacing  throughout  [148]. 

As  the  properties  of  the  precipitates  change,  they  can  alter  the  material  overall  

response  and  the  role  played  by  them  in  dictating  the  dynamic  response  of  materials.    Gas  

gun  experiments  performed  on  Cu  and  Cu+1%  Pb  showed  that  the  addition  of  a  second,  

soft-phase  decreased  the  spall  strength  of  Cu  by  45%  due  to  the  tendency  of  the  Pb  

inclusions  to  nucleate  voids  [76].    This  difference  in  spall  behavior  is  clearly  demonstrated  

in  Figures  2-9a-c,  where  each  case  has  a  distinct  spall  response.  Specifically,  while  CuPb  

nucleated  80%  more  voids  than  pure  Cu,  these  were  found  to  be  50%  smaller,  implying  

that  the  evolution  of  damage  in    CuPb  is  dominated  by  void  nucleation  whereas  it  is  

dominated  by  void  growth  in  pure  Cu.  The  differences  in  damage  between  these  cases  is  

visually  represented  in  Figure  2-9d.    This  work  provides  an  important  perspective  on  the  
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role  of  second  phase  particles  during  shock,  particularly  on  the  required  systematic  nature  

of  analysis  directed  at  measuring  damage,  since  several  studies  have  examined  the  role  of  

inclusions  that  are  stronger  than  the  surrounding  matrix  [76].  A  recent  study  exploring  the  

spall  behavior  of  leaded  brass  (Cu-34Zn-3Pb)  as  a  function  of  Pb  inclusion  size  found  a  

5%  reduction  in  spall  strength  when  there  are  several  small  Pb  inclusions  in  comparison  

to  fewer  large  Pb  inclusions  [149].  Smaller  Pb  inclusions  that  occur  more  frequently  serve  

as  nucleation  sites,  thus  increasing  the  damage  rate,  whereas  larger,  less  frequent  Pb  

inclusions  serve  as  fewer  nucleation  sites  that  may  facilitate  higher  damage  growth  rates.  

Interestingly,  this  study  also  finds  that  the  voids  nucleate  within  the  Pb  inclusions,  possibly  

due  to  the  localized  reflection  of  shock  waves  at  phase  boundaries,  but  further  experiments  

are  necessary  [149]. 

Copper  matrices  have  been  of  particular  interest  due  to  the  well-documented  behavior  

of  pure  copper,  but  a  myriad  of  more  complex  alloys  with  various  microstructures  have  

also  been  characterized  under  shock  loading,  though  the  emphasis  has  been  on  grain  size  

and  shock-loading  parameters  such  as  thickness,  impact  stress,  and  strain  rate.  Even  when  

impurities  are  included,  they  are  mentioned  quite  briefly.  For  example,  Chen  and  Asay  

[77]  investigated  multiple  alloys  of  Al  including  variation  of  texture  of  the  overall  

microstructure;  they  mainly  focus  on  grain  size  effects,  but  briefly  mention  that  at  22  GPa,  

a  6061-80  alloy  with  “both  fine  and  coarse  impurities”  has  a  spall  strength  comparable  to  

[111]  single  crystal,  thus  suggesting  that  microstructure  is  perhaps  not  as  important  at  

increased  impact  stresses.  The  challenge  in  understanding  the  role  of  such  inclusions  is  

systematic  characterization  of  the  microstructure  itself  prior  to  experiments,  which  can  then  

be  related  to  trends  in  that  data  post-mortem.  Huang  and  Gray  [150]  explored  the   
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    Figure  2-9:  (a)  Free  surface  velocity  of  shock  loading  experiments  on  Cu  and  CuPb,  
with  solid  and  dotted  lines  corresponding  to  probes  placed  on  the  center  and  edge  of  
the  samples,  respectively.  (b)  Region  of  (a)  associated  with  the  pullback  velocity,  
characteristic  of  spallation.  (c)  Free  surface  velocity  after  the  minimum.  (d)  Optical  
micrographs  of  recovered  samples,  where  the  spall  plane  lies  approximately  in  the  middle  
of  the  sample  and  the  large  black  spots  represent  voids.  Note  that  smaller  black  Pb  
particles  and  voids  both  appear  black.  From  [25].     
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mechanical  response  of  two  Al-Li-Cu  alloys  via  shock  loading,  SHPB  compression,  and  

quasistatic  compression  in  order  to  examine  the  defect  substructure  evolution.    Precipitates  

of  Al3Li  and  Al3Zr  were  embedded  in  Al-Li-Cu  alloys  via  different  aging  processes,  

yielding  a  variety  of  volume  fractions  and  precipitate  diameters  in  each  material.  In  

comparison  to  studies  of  shock-loaded  pure  Al,  significantly  more  localized  band  

deformation  and  dislocation  loops  were  observed  in  this  study.  While  most  alloys  

demonstrated  a  band-like  deformation  structure,  the  overaged  Li-rich  alloy  lacked  this  band  

structure  and  planar  localization,  instead  exhibiting  an  increase  in  dislocation  loops,  which  

were  thought  to  have  nucleated  from  precipitates.  While  this  study  does  not  quantify  the  

change  in  dynamic  behavior  due  to  the  precipitates,  the  authors  again  identify  precipitates  

as  playing  an  important  role  in  material  deformation  [150].   

Varying  methods  for  processing  alloys  can  alter  the  microstructure  of  a  material  

significantly  enough  to  affect  its  behavior  under  shock  loading  due  to  changes  in  grain  

boundary  structure,  formation  of  precipitates,  or  addition  of  impurities.  In  the  case  of  5083  

Al,  Equal-Channel  Angular  Extrusion  (ECAE)  processing  was  shown  to  noticeably  alter  the  

spall  strength  of  the  material.  Rolled  5083-H321  Al  was  processed  via  ECAE  and  then  

cold-rolled  to  a  30%  reduction  in  thickness;  second  phase  intermetallic  clusters  were  present  

throughout  the  as-received  material,  the  ECAE  and  cold-rolling  treatment  resulted  in  smaller  

clusters  [151].  The  treated  material  displayed  ~78%  increase  in  HEL  but  a  23-37%  decrease  

in  spall  strength  in  comparison  to  the  5083-H321  as-received  alloy.  Though  debonding  of  

Mn-Fe  rich  particles  was  observed  during  shock  compression,  failure  along  the  realigned  

particles  appeared  to  be  the  main  source  of  spall  failure  for  the  cold-rolled  material  while  

the  5083-H321  as-received  aluminum  displayed  mixed-mode  failure  due  to  complex  void  
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nucleation  [151].  While  cold-rolling  increased  the  HEL  of  the  material,  the  precipitates  

served  as  nucleation  sites  for  damage,  leading  to  a  decrease  in  spall  strength  for  the  ECAE  

and  cold-rolled  material.   

The  relationship  between  processing  and  microstructure  is  also  prevalent  among  

studies  of  Mg  alloys.  Spall  experiments  via  gas  gun  were  performed  to  measure  the  

dynamic  properties  of  the  AZ31B-4E  Mg,  a  Mg  alloy  treated  via  ECAE  [152].  Significant  

amounts  of  heterogeneous  and  irregularly  shaped  secondary  phases  spaced  65  micrometers  

apart  were  found  in  the  unshocked  material.  SEM  micrographs  shown  in  Figures  2-10a-c  

illustrate  this  microstructure.    These  second-phase  inclusions  are  predicted  to  impede  

dislocation  motion,  thereby  increasing  the  spall  strength.    EDS  analysis  suggested  that  the  

large  phases  were  intermetallic  and  composed  of  Al,  Mn,  and  Fe,  while  the  smaller  

precipitates  were  comprised  of  Al  and  Zn,  as  shown  in  Figures  2-10d-i.    Results  of  the  

spall  strength  measurements  and  spall  recovery  experiments  are  summarized  in  Figure  2-

11.  It  was  proposed  that  the  ECAE  treatment  increased  the  spall  strength,  but  Figure  2-

11a  in  comparison  to  previous  results  [153]  shows  that  ECAE  leads  to  a  5%  weakening  

of  the  material,   
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Figure  2-10:  Pre-shock  microstructural  characterization  of  AZ31B-4E  Mg  alloy.  (a-c)  
Backscattered  electron  contrast  micrographs  of  AZ31B-4E  Mg  alloy  prior  to  shock  
loading.  (a)  Entire  specimen.  (b)  Zoomed-in  surface  showing  secondary  phases.  (c)  
Highest  magnification  showing  one  cluster  of  secondary  phases  and  precipitates  present  
in  the  initial  microstructure.  (d-i)  Combined  SEM/EDS  map  showing  (d)  SEM  micrograph  
of  the  defect  of  interest.  eb)  Mg  shown  via  EDS  elemental  map.  (f)  Mn  shown  via  EDS  
elemental  map.  (g)  Al  shown  via  EDS  elemental  map.  (h)  Fe  shown  via  EDS  elemental  
map.  (i)  Zn  shown  via  EDS  elemental  map.  From  [104]. 
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Figure  2-11:  (a)  Spall  strength  and  pullback  velocity  as  a  function  of  shock  stress  for  
AZ31B-4E  Mg  alloy.  (b)  SEM  of  a  recovered  specimen  at  401  m/s  showing  a  damage  
zone  with  multiple  spall  planes.  (c)  Void  growth  and  coalescence  originating  from  
clustered  inclusions  indicated  by  arrows.  (d)  Inclusions  at  the  edge  of  spall  plane.  (e)  
Inclusions  found  within  the  spall  plane.  From  [104]. 
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but  further  testing  is  required  since  the  difference  is  fairly  low.  Figure  2-11b  shows  

multiple  spall  planes  within  the  material.  Localization  of  voids  is  identified  within  the  

neighboring  matrix  of  the  inclusions  as  well  as  the  development  of  microvoids  at  the  

inclusion-matrix  interface,  detailed  in  Figures  2-11c-e.  The  intermetallic  particles  embedded  

in  the  material  were  responsible  for  the  initiation  of  spall  in  this  alloy,  thus  weakening  

the  material  similar  to  results  discussed  above  [152].   

To  follow  up  the  aforementioned  results  on  AZ31B,  Kryowpusk  et  al.  [154]  

performed  spall  recovery  experiments  to  better  understand  the  role  played  by  large  Mn-Al  

particles  formed  during  material  processing.  For  samples  impacted  at  200  m/s,  the  majority  

of  incipient  voids  formed  from  fractured  Mn-Al  particles  and  grew  via  brittle  crack  

propagation  within  the  particles,  but  there  were  incipient  voids  which  formed  in  the  matrix  

with  an  equiaxed  structure.    Samples  shocked  at  400  m/s  demonstrated  far  more  spall  

damage,  with  localized  nanovoids  formed  within  Al-Zn  precipitates  as  observed  by  Farbaniec  

et  al.  [152].  Using  fractography  and  EBSD,  Kryowpusk  et  al.  [154]  confirmed  that  the  

Mn-Al  particles  were  an  initial  source  of  voids,  which  underwent  an  internal  brittle  fracture  

before  nucleating  more  ductile  cracking  in  the  matrix.  Twinning  was  predicted  to  play  a  

role  in  the  formation  of  inter-void  cracks  between  the  Mn-Al  particles.  This  work  is  fairly  

recent  and  demonstrates  the  importance  of  microstructure  beyond  grain  size,  particularly  

because  a  study  which  set  out  to  understand  the  texture  dependence  of  the  alloy  actually  

emphasizes  the  role  of  the  Mn-Al  particles  in  dictating  failure  in  materials  [154]. 

While  the  majority  of  studies  have  focused  on  intermetallic  structures,  understandably  

due  to  the  prevalence  of  such  materials  in  practical  engineering  application,  non-metal  

inclusions  have  been  probed  as  well.  Using  gas  gun  experiments,  Hixson  et  al.  [74]  sought  
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to  elucidate  the  role  of  alumina  on  the  spall  behavior  of  pure  Al.  The  Al-Al2O3  composites  

showed  a  clear  decrease  in  spall  strength  in  comparison  with  bulk  Al  by  up  to  60%.  

Although  one  may  assume  this  is  due  to    weak  interfacial  bonds,  the  authors  note  that  

they  believe  this  bond  to  be  fairly  strong  and  postulate  that  the  difference  in  elastic  moduli  

between  the  ceramic  inclusion  and  the  Al  matrix  leads  to  substantial  hydrostatic  tension,  

causing  voids  to  nucleate  and  grow  close  to  the  interface  [74].  A  similar  study  by  

Razorenov  et  al.  [75]  examined  the  role  of  0.1%  Si  and  SiO2  inclusions  on    the  dynamic  

response  of  polycrystalline  Cu  using  explosives  and  gas  gun  experiments.  The  0.1%  Si  

formed  a  solid  solution  with  Cu  while  SiO2  formed  particles  of  average  size  of  0.18  

micrometers  separated  by  0.5  to  5  micrometers  within  the  Cu  matrix.  Figure  2-12a  shows  

the  measured  spall  strength  for  all  cases  considered  in  this  work,  revealing  that  Cu  with  

0.1%  Si  had  a  lower  spall  strength  than  pure  Cu,  followed  by  Cu  with  SiO2  and  

polycrystalline  Cu.  The  spall  surfaces  in  both  Cu  +  0.1%  Si  and  Cu  +  SiO2  are  compared  

in  Figures  2-12b  and  2-12c.    Ductile  failure  is  observed  in  both  with  the  ductile  dimple  

size  of  ~2-micrometers  in  SiO2,  which  also  coincides  with  spacing  between  the  SiO2  

particles,  suggesting  that  the  silica  served  as  a  nucleation  site.    Meanwhile,  the  size  of  the  

ductile  dimples  is  ~4  micrometers  and  40  micrometers  in  Cu  with  0.1%  Si.    The  difference  

in  the  size  of  the  ductile  dimples  was  used  to  conclude  that  while  failure  was  dominated  

by  void  nucleation  in  Cu  with  SiO2,  it  was  growth  dominated  in  Cu  with  0.1%  Si.    Further,  

the  silicon  particles  were  assumed  to  be  randomly  distributed  throughout  the  Cu  with  0.1%  

Si,  which  caused  a  heterogeneous  nucleation  of  damage  concentrated  at  grain  boundaries  

[75].  Additional  work  by  Minich  et  al.  [71]  on  Cu  with  SiO2  reported  the  orientation 
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Figure  2-12:  (a)  Spall  strength  as  a  function  of  rarefaction  rate  for  Cu,  Cu  +  SiO2,  and  
Cu  +  0.1%  Si  from  [24].  (b)  SEM  images  comparing  the  spall  plane  for  Cu  +  0.1%  
(left)  and  Cu  +  SiO2  (right).  (c)  High-resolution  SEM  images  of  the  spall  surface  for  
Cu  +  0.1%  (left)  and  Cu  +  SiO2  (right).  From  [24]. 

  

dependence  of  the  spall  strength  in  Cu.    This  work  showed  that  single  crystal  Cu  embedded  

with  silica  (SiO2),  whose  initial  microstructure  is  shown  in  Figure  2-13a,  displayed  a  

distinct  decrease  in  pullback  velocity  as  shock  pressure  increased  in  comparison  to  

polycrystalline  and  single  crystal  Cu  as  shown  in  Figure  2-13b  [71].  The  work  by  Minich  

et  al.  [71],  as  previously  mentioned,  probes  the  anisotropic  nature  of  Cu  under  shock  

loading  as  well  as  the  role  of  grain  size;  while  each  of  these  microstructural  conditions  

has  a  marked  effect  on  the  spall  strength  of  Cu,  the  addition  of  silica  results  in    a  

significantly  smaller  spall  strength  despite  being  embedded  in  a  single  crystal  that  otherwise  

was  recorded  to  have  the  greatest  spall  strength  throughout  the  study.  This  may  be  due  to  

the  silica  particle’s  increased  capacity  for  nucleating  damage  since  the  inclusions  are  small  

and  much  harder  than  the  Cu  matrix.  The  data  clearly  showed  that  addition  of  SiO2  to  

Cu  caused  an  obvious  change  in  strength,  as  was  shown  in  the  study  by  Razorenov,  et  

al.  [75],  but  the  work  by  Minich  et  al.  [71]  also  indicates  that  the  interplay  between  
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precipitates  and  grain  boundaries  must  also  be  explored  in  order  to  ascertain  and  characterize  

the  dominant  phenomenon.   

While  ceramic  inclusions  have  been  probed  in  Cu  matrices,  boron  embedded  in  Al  

exemplifies  another  case  of  nonmetallic  inclusions.  The  impact  of  second  phase  particles  

of  boron  with  concentration  of  0.07%  and  0.15%  in  Al  is  explored  via  gas  gun  experiment,  

revealing  that  an  increase  in  boron  concentration  corresponds  to  a  decrease  in  spall  strength  

by  30%,  shown  in  Figure  2-14a,  though  there  is  a  negligible  change  in  the  HEL  [78].  

Second-phase  weakening  was  observed  in  the  increased  spread  of  damage  away  from  the  

spall  plane,  and  the  boron  inclusions  led  to  increased  anisotropy  and  damage,  thus  reducing  

the  spall  strength.  The  quantification  of  void  volume  is  important  because  it  shows  that  

there  are  fewer  voids  as  the  concentration  of  the  precipitates  decreases,  shown  in  Figure  

2-14b.  The  reduced  number  of  voids  coupled  with  the  reduction  in  spall  strength  implies  

that  void  coalescence  is  the  primary  means  by  which  failure  occurs  in  materials  with  boron  

precipitates.  The  measure  of  void  anisotropy  is  shown  in  Figure  2-14c.  Voids  with  an  

equiaxed,  spherical  structure  have  a  degree  of  anisotropy  of  0  while  a  degree  of  anisotropy  

of  1  is  achieved  when  the  ratio  of  long  axis  to  short  axis  is  infinite.  High  purity  Al  and  

Al-0.07B  have  fairly  low  anisotropy  in  their  void  geometry,  suggesting  that  void  growth  

is  the  dominant  means  of  failure.  For  Al-0.15B,  the  degree  of  anisotropy  has  the  greatest  

variation,  especially  for  large  voids,  reinforcing  the  dominance  of  void  coalescence  during  

spallation.  This  is  attributed  to  the  increase  in  particle-matrix  interfaces,  which  increases  

as  boron  concentration  increases  [78].   
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Figure  2-13:  (a)  SEM  image  of  Cu  +  SiO2  from  [20]  showing  nearly  uniform  distribution  
of  SiO2  throughout  a  single  crystal  copper  matrix.  (b)  Summary  of  the  spall  strength  as  
a  function  of  shock  pressure  for  various  copper  microstructures.  From  [20]. 
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Understanding  the  role  of  B  inclusions  in  Al  is  extended  to  the  case  where  He  

impurities  are  also  present  in  materials  [155],  [156].    Shock  compression  experiments  via  

gas  gun  of  Al  revealed  a  marked  decrease  in  the  HEL  of  the  material  when  implanted  

with  boron  and  helium  impurities  throughout  the  thickness  of  the  samples.  At  600oC,  the  

HEL  was  substantially  higher  for  all  targets  due  the  dominance  of  phonon  drag,  but  the  

HEL  for  the  helium  implanted  case  was  indistinguishable  from  pure  Al  [155],  [156].  Figure  

2-15  outlines  the  results  for  these  experiments,  showing  the  change  in  HEL  as  well  as  the  

differences  in  pullback  velocity.  Though  processed  in  a  similar  manner,  the  change  in  HEL  

between  pure  Al  and  Al-B  without  helium  bubbles  may  be  attributed  to  the  differences  in  

grain  size,  aligning  with  the  Hall-Petch  equation  discussed  earlier  [108],  [109].  At  room  

temperature,  the  Al-B  and  Al-B-He  experiments  yielded  nearly  the  same  spall  strength,  but  

at  600oC  preheating,  the  helium-implanted  material  displayed  a  substantially  smaller  decrease  

in  spall  strength  compared  to  pure  Al  and  Al-B,  likely  due  to  the  role  played  by  He  

bubbles  in  the  spallation  process.  More  work  is  required  to  characterize  recovered  material  

and  the  damage  present  therein  [155],  [156].  Based  on  the  studies  outlined  above,  

precipitates,  second  phase  particles,  and  inclusions  alter  the  shock  behavior  of  the  material  

by  serving  as  dislocation  sources  and  nucleation  sites  for  voids,  creating  localized  failure  

within  the  material  rather  than  strengthening  it  as  previous  hypotheses  had  predicted  under  

uniaxial  stress  loading.    Also,  the  specific  role  played  by  these  second  phases  is  dependent  

not  only  on  their  role  in  deformation  during  shock  compression  but  also  on  the  impedance  

mismatch  between  the  them  and  the  material  matrix.   
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Figure  2-14:  (a)  Pullback  velocity  (dashed  lines)  and  spall  strength  (solid  lines)  for  high  
purity  Al,  Al  +  0.07%  B,  and  Al  +  0.15%  B  as  a  function  of  peak  stress.  (b)    Number  
of  voids  versus  void  volume,  noting  the  total  number  of  voids.  Note  that  TVV  stands  
for  Total  Volume  of  Voids.  (c)  Anisotropy  measured  via  void  shape  as  a  function  of  
void  volume  for  samples  at  similar  impact  velocities.  From  [27]. 



 58 
 
 
 

 

Figure  2-15:  Free  surface  velocity  for  gas  gun  experiments  of  Al,  Al-B,  and  Al-B-He  
systems.  The  HEL  is  shown  in  the  inset.  From  [60]. 
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2.2.3.2.  Voids 

Considerable  research  has  been  done  to  understand  how  pre-existing  voids  behave  

under  shock  loading,  especially  due  to  substantial  interest  in  porous  and  explosive  media,  

where  voids  can  generate  hot  spots  and  initiate  detonation  [7],  [157]–[161].    Early  

simulations  on  the  role  of  pre-existing  voids  focused  on  extremely  simple  cases  such  as  

2D  voids,  cylindrical  voids,  and  void-induced  detonation  [158]–[161]  with  early  models  

suggesting  that  voids  emit  prismatic  dislocation  loops  during  collapse  [162],  [163].  However,  

later  simulations  show  that  dislocation  loops  emitted  during  void  collapse  are  shear  loops,  

thus  generating  intense  plastic  deformation  adjacent  to  the  collapsing  voids  [9],  [164],  

[165].  The  development  of  shear  loops  has  been  linked  to  geometrically  necessary  

dislocations,  demonstrating  that  as  a  cavity  collapses,  shear  dislocation  loops  carry  matter  

away  from  the  void,  thus  coupling  the  processes  of  compaction  and  plasticity  [166].  Much  

of  the  work  performed  to  understand  the  role  of  pre-existing  voids  in  metals  has  been  

done  via  simulations  rather  than  experiments  due  to  experimental  challenges  with  temporal  

and  spatial  resolution. 

Bourne  [8]  has  performed  extensive  work  on  the  collapse  of  pre-existing  voids  

under  shock  loading  for  a  variety  of  materials,  exemplified  by  the  cavity  collapse  images  

shown  in  Figure  2-16.  Bourne’s  2002  review  [8]  summarizes  the  collapse  of  cavities,  

outlining  the  mechanical  effects  of  collapse  and  past  efforts  to  understand  the  response  of  

cavities  under  dynamic  loading,  concluding  that  more  complete  descriptions  require  accurate  

and  time-resolved  measurements  [8].  Despite  assumptions  of  symmetry  and  spherical  

collapse,  adjacent  boundaries  and  acceleration  of  the  upstream  wall  under  shock  loading  

followed  by  impact  of  a  jet  lead  to  a  problem  that  is  neither   
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linear  nor  intuitive.  Many  studies  have  emphasized  the  collapse  of  single  cavities,  though  

a  single  isolated  cavity  is  rare.  Collapse  time  of  the  cavity  plays  a  role  in  the  temperature  

increase,  and  the  velocity  of  an  internal  liquid  jet  increases  as  the  cavity  diameter  is  

decreased.  Although  more  work  such  as  accurate,  time-resolved  measurements  of  temperature  

and  understanding  the  complex  interactions  within  a  field  of  cavities  is  necessary,  Bourne  

[8]  concludes  that  cavity  collapse  is  an  integrated  function  of  parameters  such  as  the  

materials  and  the  conditions  to  which  they  are  subjected  to.   

   

Figure  2-16:  a)  A  12mm  cavity  in  gelatine  collapses  starting  at  5  microseconds  in  frame  
1  from  the  time  that  that  the  shock  arrives  at  the  cavity.  Frame  2  is  taken  at  15  
microseconds,  frame  3  at  25  microseconds,  4  at  45  microseconds,  5  at  65  microseconds,  
and  6  at  105  microseconds.  b)  A  series  of  four  5mm  cavities  subjected  to  shock  
compression  of  8  GPa.  The  white  ring  indicates  the  initial  location  of  the  cavity.  Each  
frame  was  taken  1  microsecond  apart.  From  [8]. 
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MD  simulations  became  a  prevalent  means  for  understanding  nanoscale  behavior,  

particularly  for  materials  under  shock  loading,  due  to  the  short  timescale  during  which  

shock  occurs.  Using  a  simplified  Lennard-Jones  potential,  Phillips  et  al.  [161]  sought  to  

understand  hot  spot  formation  under  shock  loading  by  implanting  two  dimensional  perfect  

crystals  with  voids  and  bubbles  of  various  sizes  and  shocking  them  at  a  velocity  of  4.258  

km/s  [161].  It  is  important  to  note  that  a  significant  interest  in  hot  spot  formation  due  to  

the  presence  of  voids  in  materials  developed  in  order  to  better  understand  explosive  

materials,  but  for  the  sake  of  simplicity,  we  opt  to  focus  on  nonreactive  materials.  Phillips  

et  al.  [161]  found  that  defect  collapse  leads  to  a  localization  of  a  fluid-like  phase  with  

increased  temperature  and  density,  however  noting  that  further  simulations  and  experiments  

are  necessary  to  more  accurately  illustrate  their  observations. 

A  subsequent  study  by  Holian,  et  al.  [158]  suggested  that  hot  spot  generation  

required  a  shock  sufficiently  strong    to  eject  atoms  into  a  pre-existing  void  and  the  

collision  of  ejected  particles  with  the  far  side  of  the  void.  Unsatisfied  with  the  quantitative  

results  and  the  local  behavior  involved  with  hot  spot  formation,  Hatano  [7],  [157]  responded  

by  examining  the  dynamic  aspect  of  shock-induced  chemistry  during  void  collapse,  which  

he  notes  to  be  a  strongly  nonequilibrium  phenomenon.  Using  MD  simulations,  Hatano  [7],  

[157]  finds  that  the  maximum  temperature  and  velocity  are  realized  at  the  beginning  of  

collapse,  whereas  energetic  intermolecular  collisions  are  maximized  when  the  void  has  

finished  collapsing.  A  large  cross-sectional  area  correlates  to  an  increase  in  collisions  while  

transverse  length  relates  to  a  change  in  temperature  [157].  Even  with  a  simplified  Lennard-

Jones  potential,  Hatano  [157]  demonstrates  the  nucleation  of  partial  dislocation  loops  from  

the  surface  of  a  void  and  the  subsequent  development  of    sessile  dislocations.  Hatano’s  
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studies    [7],  [157]  elucidate  important  aspects  of  the  role  played  by  pre-existing  defects  in  

the  shock  response,  although  computational  restrictions  limit  the  applicability  to  large  

metallic  systems.     

MD  simulations  of  Cu  with  pre-existing  voids  having  radii  of  1.5  and  2  nm  

subjected  to  shock  loading  were  performed  by  Davila  et  al.  [164].  While  previous  studies  

performed  via  MD  simulation  suggested  that  prismatic  dislocation  loops  were  the  mechanism  

by  which  voids  collapsed,  Davila  et  al.  showed  that  this  is  achieved  via  shear  dislocation  

loops.  Figure  2-17a  demonstrates  the  step-by-step  emission  of  dislocation  loops  from  a  

void  with  radius  of  1.5  nm  shocked  to  8  GPa.  As  the  void  collapses,  shear  dislocation  

loops  are  emitted.  Figure  2-17b  displays  the  stress  for  emission  of  dislocations  as  a  function  

of  void  radius,  comparing  earlier  work  [163]   

to  that  of  Davila  et  al.  Using  a  model  by  Lubarda  et  al.  [11]  to  predict  the  stress  required  

for  dislocation  generation  via  void  growth,  Davila  et  al.  [164]  show  that  the  generation  of  

shear  loops  via  void  collapse  follows  a  similar  trend. 

He  et  al.  [167]  also  performed  MD  simulations  of  Cu  containing  pre-existing  voids  

of  radius  2.0  nm  along  the  [001]  direction  using  piston  velocities  from  2.75-3.3  km/s.  This  

study  aimed  to  explore  the  interplay  of  a  pre-existing  voids  and  shock-induced  melting.  

Figure  2-18a  shows  that  the  nanovoid  does  not  significantly  alter  the  melting  point  of  the  

bulk  material  but  a  small  decline  in  global  order  is  shown  in  Figure  2-18b,  possibly  due  

to  localized,  heterogeneous  shock  melting.  Figure  2-18c-f  shows  localized  behavior  of  the  

void  0.5  ps  after  the  shock  front  has  passed;  the  observed  disorder  confirms  that  

heterogeneous  local  melting  in  the  collapsed  void  region  does  occur.  Similar  work  via  MD   
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simulations  on  [111]  Cu  demonstrates  localized  shock  melting  adjacent  to  voids  and  He  

bubbles  and  suggests  that  the  shock  front  becomes  nonplanar  in  that  region  due  to  the  

collapse  of  voids  and  localized  melting  [168].  He    et  al.  [167]  find  that,  as  the  region  

cools,  the  liquid  phase  will  recrystallize,  or  at  higher  shock  strengths,  remains  liquid  and  

grows  throughout  the  material;    they  identify  a  decrease  in  superheating  for  the  void  

collapsed  region  (7%)  in  comparison  to  the  perfect  crystal  (14%)  [167].   

A  thorough  study  of  growth  and  collapse  of  voids  in  Ta  was  performed  via  MD  

simulations  to  understand  the  multitude  of  deformation  mechanisms  as  stress  state  and  

strain  rate  are  changed.  For  the  sake  of  simplicity,  we  focus  on  the  compressive  strain  

case  since  it  is  most  directly  relevant  to  achieving  the  goal  of  this  review.  Pre-existing   

   

Figure  2-17:  a)  Time  evolution  in  ps  for  a  void  with  radius  1.5  nm  at  8  GPa  shock.  
b)  Calculated  stress  threshold  for  dislocation  emission  normalized  by  shear  modulus  as  
a  function  of  void  radius  normalized  by  burgers  vector.  MD  simulations  (diamond),  
model  from  Reisman  et  al.  (dash-dot-dot)  [116],  analytical  model  from  [117]  for  different  
dislocation  core  sizes:  b  (dashed),  2b  (solid),  and  4b  (dotted).  Inset  compares  proposed  
loop  mechanisms  for  void  growth.  From  [117]. 
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voids  with  a  radius  of  3.3  nm  were  generated  in  Ta  and  subjected  to  ~15  GPa  shock  

compression.  The  generation  of  shear  loops  from  the  surface  of  the  void  is  shown  in  

Figure  2-19a  for  strain  rates  of  108  s-1  (left)  and  1010  s-1  (right).  Twinning  is  not  observed  

with  a  change  in  strain  rate,  likely  due  to  the  formation  of  screw  dislocations  under  

compression,  which  prefer  to  glide  in  {110}  planes  regardless  of  strain  rate.  Interestingly,   

 

Figure  2-18:  a)  Temperature  as  a  function  of  pressure.  b)  Global  order  parameter  as  a  
function  of  pressure.  c)  Snapshots  of  nanovoid  subject  to  piston  velocity  of  3.1  km/s.  
d)  Snapshots  of  nanovoid  subject  to  piston  velocity  of  3.2  km/s.  e)  Snapshots  of  nanovoid  
subject  to  piston  velocity  of  3.3  km/s.    f)  Snapshots  of  nanovoid  subject  to  piston  
velocity  of  3.3  km/s.  From  [123]. 
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laser  shock  experiments  at  a  strain  rate  of  109  s-1  on  Ta  demonstrated  deformation  via  

dislocation  glide    at  15  GPa  but  twinning  under  stresses  exceeding  35  GPa;  this  is  

demonstrated  in  Figure  2-19  b.  Note  that  these  experiments  did  not  characterize  any  pre-

existing  microstructure.   

While  this  study  examines  the  role  of  pre-existing  voids  under  shock  via  simulations,  

it  also  demonstrates  the  challenges  faced  by  pursuing  such  a  study  experimentally  and  the  

 

Figure  2-19:  a)  Shear  loops  emanate  from  pre-existing  voids  in  Ta  under  shock  loading  
at  strain  rates  of  108  s-1  (left)  and  1010  s-1  (right).  b)  At  a  strain  rate  of  109  s-1,  Ta  
demonstrates  deformation  via  dislocation  slip  when  shocked  to  15  GPa  (left)  and  twinning  
when  shocked  to  35  GPa  (right).  From  [125]. 
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importance  of  characterizing  microstructure  prior  to  shock  loading  [169].  Collectively,  these  

studies  show  that  pre-existing  voids  serve  as  important  dislocation  nucleation  sites  via  the  

formation  of  shear  loops  as  the  voids  collapse  under  shock.  The  increased  dislocation  

production  coupled  with  the  local  increase  in  energy  generates  hot  spots  and  localized  

melting.  As  experimental  capabilities  for  the  temporal  and  spatial  resolution  required  to  

understand  the  microstructural  behavior  of  pre-existing  voids  under  shock  loading  come  of  

age,  molecular  dynamics  simulations  continue  to  illuminate  the  localized,  nano-scale  behavior  

of  void  collapse  during  shock  loading. 

2.2.3.2.  Porous  Materials 

By  extension,  distended  materials  such  as  closed-cell  porous  materials  provide  

significant  insights  into  the  role  played  by  pre-existing  defects.  Cavities  within  these  

materials  tend  to  collapse  under  shock  loading,  which  leads  to  an  intense  steepening  of  

the  Hugoniot  curve  [170].    For  porous  Fe  and  Al,  a  1969  theoretical  study  showed  that  

the  Hugoniot  for  both  materials  tends  to  steepen  as  the  porosity  increases,  and  eventually  

flips  over  for  larger  porosities  [14].  This  change,  depicted  in  Figure  2-20,  is  crucial  because  

it  indicates  that  for  large  porosities,  the  change  in  specific  volume  is  significantly  altered  

as  the  initial  shock  passes  through.  By  calculating  the  Hugoniot  and  examining  the  integral  

of  the  Rayleigh  line,  an  increased  energy  dissipation  during  shock  in  comparison  to  solids  

was  observed  [171],  [172]  due  to  the  shift  in  the  shock  Hugoniot  that  is  characteristic  of  

porous  materials   

Steepening  of  the  Hugoniot  curve  has  been  observed  via  MD  simulations  of  Cu  

nanofoams  with  porosity  ranging  from  18  to  54%  under  shock  loading  with  piston  velocities  

ranging  from  0.5-3.5  km/s  [173].  The  HEL  of  Cu  is  shown  to  decrease  as  porosity   
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increases  and  the  amount  of  bulk  material  between  voids  affects  the  emission  of  dislocations;  

voids  that  are  closer  together  tend  to  have  more  disordered  structures  rather  than  dislocations  

between  them.    At  higher  piston  velocities,  less  dislocations  are  observed  to  form  as  the  

voids  collapse  via  jetting,  leading  to  the  development  of  hot  spots  when  internal  jets  

interact  with  the  rear  void  surfaces.  In  essence,  this  study  reiterates  the  steepening  of  the  

Hugoniot  for  porous  material,  as  shown  in  Figure  2-21,  under  shock  loading  via  MD  

simulations  while  highlighting  the  formation  of  shear  loops  and  hot  spots  during  shock  

loading  of  porous  Cu  [173]. 

To  understand  the  role  of  defect  geometry  and  morphology,  Zhao  et  al.  [174]  

examined  the  shock  compression  of  porous  Cu  via  molecular  dynamics  simulations  by  

implementing  a  variety  of  different  microstructures  into  their  MD  simulations  of  porous  

Cu  at  0.625  km/s  and  2  km/s.  The  initial  void  shapes  and  morphologies  of  porous  Cu  are  

 

Figure  2-20:  Theoretical  Hugoniot  curves  for  porous  iron  (left)  and  porous  aluminum  
(right.)  From  [127]. 
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shown  in  Figure  2-22a.  The  simulated  Hugoniot  states,  given  in  Figure  2-22b  are  in  

agreement  with  experiments  performed  on  Cu  powders,  demonstrating  a  validation  of  the  

Grȕneisen  equation  of  state  for  porous  materials  [12]. 

 

Figure  2-21:  Stress  versus  specific  volume  for  closed-cell,  porous  Cu  with  various  
porosities.  From  [130]. 

 

The  formation  of  internal  jets  is  demonstrated  at  a  piston  velocity  of  2.0  km/s  in  

Figure  2-22c,  while  at  0.625.  km/s,  the  formation  of  various  dislocation  structures  is  shown  

in  Figure  2-22d.    Zhao  et  al.  [174]  also  observe  heterogeneous  melting  and  a  relationship  

between  shock  strength  and  modes  of  void  collapse.  A  geometric  mode  demonstrates  that  

collapse  occurs  via  flow  along  {111}  slip  planes  whereas  a  hydrodynamic  mode  

demonstrates  that  collapse  via  the  formation  of  nano-jets.  The  latter  case  roughens  the  

shock  front,  forming  hot  spots  and  jets  at  the  free  surface  [174].   
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Soulard  et  al.  [175]  also  explored  the  role  of  porosity  in  Cu  via  MD  simulations  

l,  exploring  voids  (both  empty  and  argon-filled)  with  diameters  of  10,  15,  and  40  nm  

mainly  at  a  piston  velocity  of  1.0  km/s.  The  pores  are  arranged  randomly  in  the  middle  

of  the  sample  such  that  the  porosity  is  limited  to  20%.  As  the  shock  front  moves  through  

the  porous  region,  hot  spots  are  formed  and  the  shock  front  is  slightly  reflected,  causing  

the  shock  strength  to  decrease  as  it  moves  beyond  the  porous  region.  They  propose  three  

mechanisms  by  which  the  voids  collapse;  first,  the  voids  induce  a  shock  focusing  as  the  

front  moves  around  the  void.  Second,  the  impact  of  the  front  surface  of  the  void  on  the  

 

Figure  2-22:  a)  Initial  void  shapes  and  morphologies  of  porous  Cu  simulations.  b)  Stress  
versus  specific  volume  for  different  morphologies.  c)  Formation  of  internal  jets  observed  
at  a  piston  velocity  of  2.0  km/s.  d)  Dislocation  generation  observed  at  a  piston  velocity  
of  0.625  km/s.  From  [131]. 
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rear  face  occurs    resulting  in  jet  formation,  and  leading  to  an  internal  shock  [175].  Finally,  

the  emission  of  dislocations  and  the  associated  pore  collapse  do  plastic  work.  Soulard  et  

al.  [175]  conclude  that  plastic  work  is  the  predominant  process  driving  shock  melting  and  

that  the  shock  intensity,  porosity,  and  void  content  matter  less  than  the  simple  presence  of  

the  voids  themselves.  They  also  emphasize  that  the  complex  phenomena  around  wave  

interactions  and  reflections  require  that  the  full  shock  loading  history  of  the  sample  be  

known  [175].   

The  importance  of  plasticity  and  void  collapse  has  been  reiterated  using  other  

materials  In  the  case  of  porous  Ni,  dislocation  generation  and  energy  dissipation  during  

void  collapse  are  systematically  quantified  via  MD  simulations  [176].  Figures  2-23a-d  

demonstrate  the  initial  microstructures  explored  throughout  this  study  as  well  as  the  

dislocation  structure  following  shock  compression  at  a  piston  velocity  of  1.0  km/s.  Figure  

2-23e  shows  the  energy  dissipation  over  time  for  each  case  while  Figure  2-23f    displays  

the  dislocation  length  simultaneously.  At  the  shock  velocity  of  1.0  km/s,  energy  dissipation  

is  clearly  dominated  by  dislocation  generation,  but  for  greater  shock  velocities,  shock-

induced  melting  becomes  the  dominant  means  of  energy  dissipation.  The  void  morphology  

matters  only  before  voids  are  fully  collapsed,  but  otherwise,  only  the  time-history  of  energy  

dissipation  is  impacted.  As  shock  intensity  increases,  void  collapse  is  dominated  by  internal  

jetting  rather  than  plasticity  [176]. 

During  void  collapse,  hot  spot  formation  and  plasticity  may  also  lead  to  the  

formation  of  nanograins,  as  proposed  by  Erhart  et  al.  [9],  who  performed  double-shock  
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experiments  on  polycrystalline  copper  with  average  grain  size  of  50  micrometers;  the  first  

shock  generated  voids  via  spall;  EBSD  was  performed  following  the  second  shock,  where   

 

Figure  2-23:  a)  The  initial  Ni  structure  with  graded  voids  (top)  is  subjected  to  shock  
loading  and  the  resulting  dislocation  structure  is  highlighted  (bottom).  The  same  shock  
conditions  are  applied  to  b)  a  sample  with  uniform  voids,  c)  a  sample  with  reverse-
graded  voids,  and  d)  a  single  crystal.  e)  The  energy  dissipation  and  f)  the  dislocation  
generation  as  functions  of  time  are  displayed.  From  [134]. 
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the  voids  were  collapsed  [9].  Figure  2-24  contains  EBSD  captured  from  a  cross  section  of  

the  double-shocked  Cu,  demonstrating  grain  subdivision  in  the  spall  plane,  where  voids  

were  formed  during  the  first  shock.  The  authors  note  that  these  results  are  observed  post  

mortem,  so  they  are  limited  in  understanding  how  and  when  grain  subdivision  occurred.  

The  subdivision  of  grains  in  polycrystalline  Cu  was  also  observed  in  recent  recompaction  

experiments  by  Jones,  et  al.  [177]  and  attributed  to  the  collapse  (during  second  shock)  of  

voids  formed  by  the  initial  shock.    The  residual  microstructure  is  hypothesized  to  have  an  

increased  mechanical  strength  due  to  the  decrease  in  grain  size  and  defect  content  [177].       

Erhart,  et  al.  [9]  utilized  MD  simulations  to  better  understand  this  phenomenon,  but  

it  is  impossible  to  exactly  replicate  time  and  length  scales  of  the  experiments.    This,  

coupled  with  a  strong  dependence  on  void  size  for  the  critical  pressure  at  which  dislocation  

nucleation  and  thus  void  collapse  occurs,  limits  direct  simulation  due  to  the  extensive  void  

collapse  presumed  to  occur  in  the  experiments.  Therefore,  instead  of  simulating  Cu,  Al  is  

used  due  to  its  lower  shear  modulus  and  melting  temperatures.  MD  simulations  first  

performed  on  Al  containing  5%  voids  shocked  from  25  to  100  GPa  illustrate  the  formation  

of  nanograins,  shown  in  the  time  series  in  Figure  2-25  [9].    The  top  series  displays  the  

void  under  shock  compression  as  it  collapses,  forming  an  intense  local  plastic  region  along  

with  a  hot  spot.  The  extended  porosity  of  the  sample  has  generated  extended  disordered  

regions,  which  seemingly  generates  nanograins,  as  shown  in  the  bottom  half   
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Figure  2-24:  Electron  backscatter  diffraction  (EBSD)  orientation  map  of  double-shocked  
polycrystalline  sample  where  region  A,  a  section  of  the  spall  plane,  exhibits  grain  
refinement  while  region  B  is  representative  of  the  material  microstructure  outside  of  the  
spall  plane.  From  [118]. 
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of  Figure  2-25.  While  the  results  of  experiments  and  simulations  are  not  perfectly  matched,  

the  formation  of  nanograins  is  apparent  and  the  crucial  role  of  void-void  interactions  on  

plasticity  is  emphasized  [9]. 

Further  MD  simulations  of  nanoporous  Al  were  undertaken  by  Xiang  et  al.  [178]  

in  which  nine  voids  are  embedded  in  50  units  lattice  in  a  single  crystal.  Void  radii  are  

varied  in  each  simulation  from  5  to  15  lattice  units,  yielding  porosities  of  0.4%,  3.4%,  

and  11.3%  (note  that  the  lattice  constant  is  0.4.  nm),  respectively.    The  simulation  cell  

was  shocked  in  the  [100]  direction  at  piston  velocities  of  0.5,  1.0,  2.0,  and  4.0  km/s.  

Results  confirmed  the  formation  of  hot  spots  as  well  as  the  crucial  role  of  dislocation  

generation  from  the  surface  of  the  voids,  leading  to  intense,  local  plastic  regions  adjacent  

to  the  voids.  The  spall  behavior  was  probed,  with  measured  spall  strengths  outlined  in  

Table  2-1.  With  one  exception,  the  spall  strength  is  found  to  decrease  as  porosity  increases  

 

Figure  2-25:  Time  series  of  void  collapse  in  Al  under  25  GPa  shock  loading  colored  
by  centrosymmetry  parameter  (green  represents  fcc  while  blue  and  red  correspond  to  
non-fcc  atoms.)  Dislocations  are  emitted  on  the  {111}  <110>    glide  system,  marked  in  
the  frame  at  21.5  ps.  In  the  last  four  snapshots,  the  circles  indicate  the  formation  of  
nanograins  adjacent  to  the  void.  From  [118]. 
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due  to  the  localized  temperature  increase  associated  with  void  collapse.  At  a  piston  velocity  

of  1.0  km/s,  the  largest  voids  prevent  spallation  due  to  the  competition  between  stress  

attenuation  due  to  minor  reflections  from  the  void  surfaces  and  material  softening  due  to  

local  temperature  increase  [178]. 

 

Table  2-1:  Nanoporous  Al  is  probed  via  MD  simulation,  demonstrating  a  decrease  in  
spall  strength  and  an  increase  in  spall  temperature,  both  as  a  function  of  porosity.  From  
[136]. 

 

 

 

Void-void  interactions  and  their  role  in  plasticity  have  been  further  elucidated  by  

an  MD  study  on  the  uniaxial  compressive  deformation  of  porous  Ta  [166].  Voids  of  ~3.3  

nm  radii  with  an  average  distance  of  10.5  nm  were  created  in  a  Ta  single  crystal,  

generating  a  void  volume  fraction  of  4.1%.  This  sample  was  subjected  to  uniaxial  

compression  up  to  50  GPa,  during  which  the  influence  of  plasticity  at  a  lower  applied  

stress  was  observed  as  a  result  of  the  multiple  voids,  demonstrating  that  void  surfaces  

serve  as  a  dislocation  sources  during  deformation.  Using  the  dislocation  extraction  algorithm  

(DXA)  and  common  neighbor  analysis  (CNA),  the  authors  demonstrated  agreement  for  

measured  dislocation  densities  for  both  experiments  and  a  multiscale  strength  model,  as  



 76 
 
 
 

well  as  agreement  with  Ashby’s  theory  of  geometrically-necessary  dislocations  (GNDs).  

Figure  2-26  summarizes  this  result,  showing  that  the  dislocation  density  observed  via  DXA  

matches  calculations  of  GNDs  While  other  models  identify  pore  compaction  and  plasticity  

as  serial  phenomena,  this  study  showed  that  compaction  and  dislocation  generation  are  

instead  coupled  [166]. 

 

Figure  2-26:  Dislocation  density  as  a  function  of  strain  for  CNA,  DXA,  and  GND  
calculations.    Reasonable  agreement  between  models  is  observed,  though  divergence  
beyond  14%  strain  is  attributed  to  difference  between  DXA  calculations,  which  follow  
trial  circuits  to  calculate  dislocation  length,  and  CAN  calculations,  which  utilize  a  
spherical  shell.  From  [120]. 
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2.2.4.  Discussion   

In  the  previous  sections,  we  have  evaluated  and  summarized  the  existing  literature  

describing  the  role  of  material  defects  and  heterogeneities  in  the  shock  and  spall  response  

of  metals.  There  are  three  distinct  sub-topics  at  hand,  discernable  by  the  methodology  

through  which  they  have  been  examined.  First,  polycrystallinity  and  grain  size  play  an  

important  role  in  spalling,  with  the  boundaries  often  acting  as  preferential  nucleation  sites  

for  void  nucleation  and  providing  easy  paths  for  growth.  Second,  inclusions  such  as  second  

phase  particles  and  precipitates  have  been  studied  mainly  via  experiments,  with  the  most  

thorough  investigations  examining  the  material  microstructure  before  and  after  shock  loading.  

The  third  is  the  role  of  pre-existing  voids,  extending  into  distended  media  as  an  extreme  

case;  the  majority  of  investigations  are  performed  via  simulation  in  order  to  capture  the  

collapse  phenomena  during  shock  loading. 

Varying  grain  boundary  orientations  contribute  to  material  anisotropy  during  both  

elastic  and  plastic  deformation,  which  alters  the  spall  strength  due  stress  concentrations  

[91],  [92].  Deformation  twinning  and  void  nucleation  are  also  impacted  by  grain  boundary  

orientation,  including  the  tendency  to  nucleate  voids  for  boundary  orientation  relative  to  

the  shock  loading  direction  [93],  [94].  Preference  for  deformation  via  void  coalescence,  

slip,  or  twinning  is  a  function  of  grain  boundary  misorientation,  with  further  dependence  

on  crystalline  structure  [98],  [99],  [100],  [101],  [102],  [103],  [104],  [105],  [106].  A  key  

reason  for  interest  in  polycrystalline  materials  pertains  to  conflicts  with  the  Hall-Petch  

relationship  [108],  [109],  which  have  been  identified  in  countless  studies  [71],  [102],  [105],  

[111]–[115].  Localization  of  stress  due  to  dislocation  pile  ups  and  other  defects  may  

increase  the  likelihood  for  certain  grain  boundaries  to  be  sites  or  failure  [112],  [113],  
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[116],  though  there  are  many  contradicting  studies,  so  the  continued  exploration  o  this  

matter  requires  careful,  systematic  consideration  of  the  phenomena  of  interest  [102].  As  

grain  size  is  reduced  to  the  nanoscale,  results  continue  to  be  controversial,  with  several  

reviews  already  covering  the  matter  thoroughly  [118],  [56].  Interestingly,  a  quantitative  

model  for  high  strain  rates  has  been  developed  to  reflect  multiple  regimes  where  1)  the  

Hall-Petch  behavior  is  followed,  2)  strength  scales  inversely  to  the  Hall-Petch  law,  and  3)  

grain  size  no  longer  matters  [120],  [121].  In  addition  to  grain  size,  texture  also  influences  

strength  by  varying  the  anisotropy  in  the  material.  Forging  in  iron  was  showed  to  increase  

spall  strength  due  to  decrase  in  grain  size  [124]  while  rolling  and  annealing  iron  decreased  

spall  strength  by  increasing  the  number  of  sites  available  or  void  nucleation  [126].    Studies  

by  Peralta  et  al.  [127]  and  Gray  et  al.  [129]  emphasize  that  the  processing  of  materials  

vary  the  nucleation,  growth,  and  coalescence  of  damage  by  varying  the  grain  size  and  

texture,  further  complicating  our  understanding  of  deformation  under  shock  loading. 

For  inclusions,  several  themes  have  become  apparent  in  the  literature.  A  variety  of  

microstructures  and  materials  have  been  studied,  and  the  methodology  for  such  studies  has  

not  been  uniform.  The  ability  to  fully  isolate  and  control  one  specific  defect  type  is  nearly  

impossible  via  experiment  due  to  complicated  nature  of  materials  processing  and  preparation.    

Characterization  of  the  microstructure  before  shock  loading  is  crucial  to  understanding  the  

ensuing  changes  in  material  behavior.  While  early  studies  note  the  presence  of  inclusions,  

they  do  not  quantify  or  characterize  them  before  shock  loading,  making  it  difficult  to  

extend  discussion  to  the  role  of  such  impurities  [77],  [144].  More  recent  studies  exemplify  

means  of  characterizing  the  material  before  shock;  for  example,  a  study  exploring  Cu-



 79 
 
 
 

24%Ag  and  Cu-15%Nb  uses  microscopy  to  show  the  vastly  differing  defect  structure  in  

each  material  as  well  as  the  respective  post-mortem  samples  [66].  Another  example  is  

given  in  a  study  of  the  AZ31B-4E  Mg  alloy,  where  inclusions  are  not  only  identified,  but  

their  content  is  measured  [152].  While  other  studies  measure  the  number  of  impurities,  

these  studies  are  exemplary  in  that  their  thorough  analysis  prior  to  shock  loading  links  to  

the  changes  in  shock  behavior. 

The  changes  in  shock  behavior  due  to  these  inclusions  vary  on  a  case-by-case  basis.  

A  decrease  in  HEL  was  observed  for  Mg-based  materials  such  as  an  AZ31B-4E    and  Al  

containing  B  and  He  inclusions  [152],  [155],  [156].  Conversely,  other  materials  such  as  

CuAg,  CuNb,  and  a  cold-rolled  5083-H321  aluminum  alloy  [66],  [151],  in  addition  to  the  

Cu-Ta  system,  demonstrate  an  increase  in  spall  strength  as  well  [66],  [147],  [151].  Most  

other  systems  experience  a  decrease  in  spall  strength,  naming  inclusions  as  the  key  reason  

for  such  a  change,  thus  necessitating  more  thorough,  focused  experimental  studies  in  order  

to  reconcile  these  differences  [74],  [75],  [71],  [78],  [155],  [156].  Post-shock  recovery  shows  

that  the  presence  of  inclusions  may  lead  to  a  void-nucleation  dominated  spall  process,  with  

voids  nucleating  at  interfaces,  [75],  [76],  [66],  [147],  [152],  [154],  [151],  [78],  while  other  

materials  demonstrate  a  failure  process  dominated  by  coalescence  of  voids  [75],  [66].  

Ideally,  further  systematic  studies  which  quantify  the  concentration  and  size  of  voids,  as  

demonstrated  in  a  few  works  discussed  here  [76],  [66],  [78],  would  be  a  powerful  tool  for  

better  examining  the  trends  in  how  strength  and  void  generation  is  altered  by  the  presence  

of  heterogeneities. 

Studies  exploring  pre-existing  voids  and  distended  materials,  particularly  the  role  of  

voids  in  altering  the  shock  behavior  of  a  material,  have  been  dominated  by  understanding  
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the  formation  of  hot  spots  under  shock  loading  rather  than  direct  changes  in  HEL  and  

spall  strength.  Hatano  [7]  notes  that  pre-existing  voids  lead  to  a  decrease  in  HEL  as  a  

function  of  increasing  void  radius,  but  this  point  must  be  further  investigated.  The  majority  

of  studies  directly  discussing  pre-existing  voids  have  been  performed  via  simulations,  again  

reiterating  the  need  for  continuing  the  development  of  experimental  analysis  tools.  The  

inability  to  fully  understand  the  process  of  shock  loading  with  nanoscale  time  resolution  

is  a  major  shortcoming  of  the  field  [179],  where  the  complex  phenomena  of  wave  

interactions  and  reflections  require  that  the  full  shock  loading  history  of  the  sample  be  

known  [175].  Specifically,  internal  jetting,  temperature  increase,  and  the  asymmetric  nature  

of  cavity  collapse,  as  well  as  verifying  the  complex  interactions  within  a  field  of  cavities  

require  more  accurate,  time-resolved  measurements  of  temperature  [8]. 

Existing  studies  emphasize  the  localized  behavior  of  pre-existing  voids  subjected  to  

shock  loading.  A  sufficiently  strong  shock  generates  void  collapse,  which  can  occur  via  

two  modes.  Weaker  shocks  induce  shear  loop  emission  from  the  void,  generating  intense  

plastic  regions  adjacent  to  the  collapsing  void  [7],  [9],  [164],  [165],  [169].  The  stress  

required  for  shear  loop  generation  in  Cu  has  been  calculated  by  Davila  et  al.  [164],  

showing  that  the  well-studied  inverse  case  of  void  growth  via  dislocation  loop  emission  

[11]  parallels  that  of  void  collapse  for  weaker  shocks.  Dislocation  generation  can  be  directly  

linked  to  localized  temperature  increase,  but  for  even  stronger  shocks,  the  formation  of  a  

localized  fluid  phase  has  been  observed  [161],  which  may  seemingly  lead  to  void  collapse  

via  jetting  [158],  emphasizing  the  importance  of  understanding  the  highly  localized  

microscale  behaviors  as  well  as  the  bulk  material  behavior  [167].  Collapse  via  dislocation  
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emission  or  jetting  both  lead  to  intermolecular  collisions  as  the  front  surface  of  the  void  

impacts  the  rear  surface  [157]. 

Studies  exploring  distended  materials,  i.e.,  foams  and  powders,  serve  as  an  extension  

of  the  pre-existing  void  case  since  they  provide  significant  insight  into  the  role  played  by  

a  complex  arrangement  of  defects.  Distended  materials  have  been  consistently  shown  to  

exhibit  a  steepened  Hugoniot  curve  in  comparison  to  the  materials’  fully  dense  counterpart  

[170],  [14],  [173].  While  few  studies  note  a  decrease  in  HEL  [173]  and  spall  strength  

[178],  the  majority  of  the  work  summarized  in  this  review  has  focused  on  the  formation  

of  hot  spots  via  void  collapse.  As  observed  in  the  case  of  single  pre-existing  voids,  

collapse  leads  to  energy  dissipation  and  to  a  lack  of  localized  thermal  equilibrium  [180],  

[171],  [172],  [13].  A  highly  localized  microkinetic  energy  is  linked  to  the  geometrically  

necessary  energy  added  by  a  void  [172],  in  turn  demonstrating  that  material  heterogeneities  

may  induce  shock  front  roughening  via  complex  reflections  from  cavities  that  are  

simultaneously  collapsing  [174],  [175].  The  formation  of  hot  spots  and  jetting  is  observed  

in  several  studies  [172],  [181],  [173],  [174],  [175],  [9].  As  is  the  case  for  singular  voids,  

intense  plastic  regions  due  to  dislocation  emission  is  observed  for  porous  materials,  but  an  

elaborate  plastic  region  forms  due  to  the  close  proximity  of  voids  in  these  materials.  This  

has  been  shown  to  lead  to  the  formation  of  nanograins,  and  in  cases  ,  material  

recrystallization  and  localized  melting  [9].  Shock  intensity  and  the  mode  of  void  collapse  

is  reiterated,  with  weaker  shocks  inducing  collapse  via  shear  loop  emission  and  stronger  

shocks  inducing  jetting  [173],  [174],  [13],  [9],  [178].  The  threshold  between  these  modes,  

while  likely  more  of  a  spectrum,  has  yet  to  be  determined.  However,  many  studies  have  
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covered  the  role  of  various  void  morphologies,  showing  that  the  formation  of  a  jet  is  

deeply  dependent  on  the  void  geometry  itself  [172],  [181],  [174],  [13].  The  development  

of  localized  plastic  regions  is  also  observed  in  these  morphology  studies,  though  systematic  

variance  of  defect  concentration,  size,  distribution,  and  depth  remain  outstanding.  A  

significant  body  of  work  has  been  performed,  and  yet  the  desire  to  understand  the  formation  

of  hot  spots  has  dominated  the  field  of  voids  and  distended  media,  leaving  significant  

room  for  systematic  studies  regarding  the  interplay  between  dislocation  formation  and  jetting  

as  well  as  generalization  and  extension  of  our  knowledge  of  model  materials. 

2.2.5.  Summary 

The  goal  of  this  contribution  is  to  synthesize  the  existing  body  of  literature  describing  

the  role  of  pre-existing  heterogeneities  such  as  second  phase  particles,  inclusions,  

precipitates,  and  voids  on  the  shock  behavior  of  materials.  Our  key  findings  are  summarized  

below: 

1. Few  studies  specifically  isolate  the  role  of  pre-existing  inclusions,  which  is  

known  to  be  challenging,  particularly  for  experimental  studies,  but  characterization  

of  second  phase  particles,  precipitates,  and  other  inclusions  both  before  and  after  

shock  loading  can  reveal  the  means  by  which  microstructure  alters  deformation,  

thus  allowing  for  more  systematic  and  generalized  theories  to  be  formed. 

2. No  generalized  trend  of  increase  or  decrease  in  either  HEL  or  spall  strength  

was  identified  for  materials  containing  pre-existing  inclusions,  but  studies  show  

that  the  nucleation  and  growth  of  voids  adjacent  to  heterogeneities  is  altered,  

with  some  materials  nucleating  more  voids  and  the  interface  and  others  exhibiting  

an  increase  in  void  growth.   
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3. There  are  few  direct  measurements  of  HEL  and  spall  strength  thus  far  on  

materials  containing  pre-existing  voids  and  distended  materials.  Calculation  of  

their  Hugoniot  curves  show  that  increasing  porosity  leads  to  a  steepening  of  the  

Hugoniot  curve  in  comparison  to  fully  dense  material  and  at  higher  temperatures.   

4. Studies  of  pre-existing  voids  and  distended  materials  emphasize  the  formation  of  

hot  spots  due  the  geometrically  necessary  excess  energy  and  resultant  impact  of  

the  front  void  surface  with  the  rear;  under  shock  loading,  void  collapse  may  

occur  via  shear  loop  emission  for  weaker  shocks  or  by  jetting  for  stronger  

shocks.  Highly  localized  plasticity,  melting,  and  excess  energy  may  be  present,  

with  void  morphology  playing  and  important  role  in  the  dominant  mechanisms. 

5. Void  collapse  via  shear  loop  emission  and  jetting  are  coupled  phenomena,  yet  

one  tends  to  be  more  dominant  than  the  other;  the  threshold  between  collapse  

via  either  mechanism  is  likely  related  to  the  microkinetic  energy  and  depends  

on  localized  melting  under  shock  loading.   

6. For  all  heterogeneities,  continuous  improvement  towards  time-resolved,  in  situ  

experimental  data  must  be  made  in  order  to  validate  and  elucidate  upon  results  

gathered  from  simulations  and  experiments,  which  will  strengthen  the  overall  

ability  to  understand  and  predict  how  materials  behave  under  shock  loading. 
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Chapter 3 Molecular  Dynamics 

Experimental  methods  of  understanding  nanoscale  material  behavior  during  high  

strain  rate  phenomena  lack  simultaneous  temporal  and  spatial  resolution  that  are  accessible  

via  molecular  dynamics  (MD)  simulations.  These  simulations  are  able  to  track  the  complete  

position,  velocity,  and  physical  histories  of  every  atom  throughout  the  simulation  which  

can  fully  describe  of  the  mechanical  behavior  of  a  material.  The  main  constraint  of  this  

powerful  tool  is  the  amount  of  computational  power  required  to  simulate  a  representative  

sample  over  a  measurable  amount  of  time,  but  MD  simulations  provide  a  powerful  means  

of  understanding  which  cases  of  dynamic  behavior  are  most  worth  investigating.  Another  

constraint  is  describing  the  interaction  between  individual  atoms,  done  through  interatomic  

potentials  which  are  complex  functions  whose  values  have  usually  been  rigorously  evaluated  

through  other  computational  means.  The  following  sections  outlines  the  capabilities  and  

methods  of  implementation  of  MD  simulations.   
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3.1  Computational  capability 

MD  simulations,  among  other  atomic  modeling  techniques,  allow  for  the  creation  of  

“atomic  resolution  movies”  though  numerical  integration  of  Newton’s  second  law  in  order  

to  visualize  the  behavior  of  material  during  shock  [182],  which  serve  as  a  unique  tool  in  

understanding  microstructural  changes  experienced  by  materials  during  shock  [183].  

Although  efforts  in  modeling  shock  date  back  to  World  War  II,  MD  simulations  did  not  

come  of  age  until  the  early  2000’s  due  to  the  lack  of  computational  power  available.  As  

computational  capabilities  increased,  simulations  such  as  that  of  Kadau,  et  al  in  2005  [184]  

have  been  able  to  reach  sample  lengths  of  micrometers  in  along  the  shock  direction,  thus  

bringing  MD  simulations  that  much  closer  to  experimental  results.  Simulations  reaching  a  

trillion  of  atoms  using  a  simple  Lennard  Jones  potential  [185]  or  even  a  billion  atoms  

using  a  more  complex  many  body  potential  [186]  signify  the  continuous  improvements  to  

high  performance  computing.  Such  large  simulations  are  required  to  achieve  results  

comparable  with  experiments.  Moreover,  these  simulations  are  performed  in  three  spatial  

dimensions  in  time.  Every  time  step  must  capture  the  thermal  vibrations  of  each  atom  

(which  occur  over  the  Debye  period  of  10-13  s),  so  a  femtosecond  is  a  typical  step  size.  

Thus,  simulations  tend  to  have  timescales  on  the  order  of  picoseconds  and  nanoseconds.  

MD  simulations  are  easily  parallelized  due  to  the  calculation  of  local  atomic  interactions  

for  each  timestep;  parallelization  can  significantly  decrease  the  total  time  required  for  a  

simulation,  and  has  been  optimized  for  MD  via  the  longstanding  developments  of  MD  

codes  as  described  below.   
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3.1.1.  Simulation  codes 

Numerous  codes  exist  for  performing  molecular  dynamics;  due  to  the  myriad  of  

topics  accessible  by  this  method,  each  code  is  unique  in  its  implementation  and  

computational  efficiency.  Two  codes  are  primarily  used  throughout  this  work  due  to  their  

spatial  decomposition  methods  which  allow  for  simulations  to  be  massively  parallelized,  

optimizing  performance  for  the  large  number  of  atoms  and  discrete  time  steps  required  for  

simulations  of  shock. 

3.1.1.1  LAMMPS 

LAMMPS  (Large-scale  Atomic/Molecular  Massively  Parallel  Simulator)  is  a  

molecular  dynamics  (MD)  package  used  in  countless  scientific  simulations  to  analyze  the  

behavior  of  matter  on  an  atomic  scale  [187].  LAMMPS  is  a  widely  used,  open-source  

software  used  for  this  purpose.  Due  to  the  large  number  of  atoms  required  to  create  a  

physically  significant  simulation,  MD  is  well  suited  for  parallelization.  LAMMPS  employs  

the  following  three  main  algorithms  to  perform  classical  MD  simulations,  where  each  

processor  is  assigned  [187]: 

2.3.1. A  fixed  amount  of  atoms   

2.3.2. A  fixed  subset  of  interatomic  forces   

2.3.3. A  fixed  spatial  region 

The  standard  LAMMPS  implementation  utilizes  the  MPI  interface  to  parallelize  

calculations.  While  this  package  is  sufficient  for  some  simulations,  researchers  seek  to  

study  increasingly  complex  materials  using  more  elegant  potentials,  which  inherently  

demands  better  computational  performance.  To  meet  this  demand,  many  additional  packages  

have  been  developed  that  allow  LAMMPS  to  be  run  using  other  parallelization  techniques  
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such  as  CUDA  and  OpenMP,  either  independently  or  in  a  hybridized  format.  Past  work  

has  shown  that  MD  simulations  via  LAMMPS  are  powerful  for  characterizing  materials  in  

extreme  environments,  such  as  those  high  temperatures  and  pressure  experienced  in  

explosions. 

3.1.1.2  SPaSM 

The  Scalable  Parallel  Short-range  Molecular  Dynamics  (SPaSM)  is  maintained  by  

researchers  at  Los  Alamos  National  Laboratory  and  was  developed  to  reduce  the  latency  

between  processors,  thereby  increasing  computational  efficiency  for  massively  parallelized  

simulations.  [188].  While  the  computational  time  required  for  this  code  is  less  than  that  

required  for  LAMMPS,  the  cost  is  high:  simulation  errors  cannot  be  identified  until  the  

simulation  is  complete  (which  requires  great  diligence  in  the  equilibration  step)  and  data  

sets  are  sometimes  incomplete,  flawed,  or  must  be  recalculated  at  high  computational  cost.   

3.1.2.  Interatomic  potentials 

One  of  the  best  lessons  a  scientist  must  learn  is  the  importance  of  assumptions  in  

their  analyses.  Interatomic  potentials,  or  merely  potentials,  are  used  to  describe  the  

interactions  between  atoms  and  their  neighbors;  computational  limitations  prohibit  the  full  

quantum  calculations  for  such  interactions,  necessitating  analytical  expressions  limited  by  

the  assumptions  used  to  create  them.  For  example,  an  MD  simulation  aiming  to  understand  

the  mutation  of  a  virus  will  likely  fail  to  accurately  describe  the  shock  deformation  of  

that  virus  at  100  GPa  because  the  elastic  constants,  stacking  fault  energies,  and  other  

relevant  quantities  used  in  analysis  will  not  have  been  studied  or  parameterized  in  detail.  

Surprisingly,  there  are  countless  potentials  in  the  world  whose  scope  is  beside  shock  

physics;  for  this  reason,  careful  consideration  of  a  potential  for  simulation  purposes  is  
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paramount  to  generating  accurate  simulation  results.  A  multitude  of  potentials  are  available  

online  through  the  Interatomic  Potentials  Repository  Project  maintained  by  the  National  

Institute  of  Standards  and  Technology  [189],  [190]    and  the  review  by  Sheng,  et  al  [191]. 

3.1.2.1  Copper 

Copper  has  been  used  in  the  materials  science  field  as  a  model  fcc  material  due  to  

its  known  single  solid  phase  and  its  well-documented  behavior  under  dynamic  loading.  One  

of  the  most  widely  used  interatomic  potentials  for  copper  is  the  2001  Mishin,  et  al  potential  

[192],  which  is  based  on  the  Embedded  Atom  Potential  (EAM)  first  published  in  1984  

[193].  The  impact  of  the  EAM  potential,  a  major  contribution  to  the  materials  science  

field,  is  well-documented  [194],  [195].  This  potential  aims  to  include  the  environment  of  

each  atom  and  the  contributions  of  its  nearest  neighbors  via  the  functional  form: 

 

𝐸-#-./ = ∑ 𝐹0-𝜌1,0/ +
$
%
∑ 𝜙03-𝑅03/0,3
043		

0                  

(11) 

 

where  the  first  term  describes  the  embedding  energy,  𝐹0,  in  terms  of  the  electron  density,  

𝜌1,0,  and  the  second  term  describes  the  short-range  pair  potential,  𝜙03,  as  a  function  of  

each  atom  pair,  𝑅03.  As  mentioned,  there  are  numerous  potentials  for  copper,  but  the  nature  

of  the  present  work  explores  the  role  of  helium  bubbles  in  the  shock  behavior  of  copper,  

for  which  there  is  only  one  well-parametrized  potential  [196];  its  applicability  it  discussed  

later  in  the  work. 
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3.2  Simulation  Processes 

All  molecular  dynamics  simulations  follow  the  same  procedures.  The  simulation  is  

constructed  and  parameterized  during  initialization.  The  ensembles  desired  for  the  system  

are  defined  and  components  of  the  system  are  equilibrated.  Finally,  the  simulation  itself  is  

run  via  the  integration  of  Newton’s  laws  of  motion  and  data  is  output  for  processing.  The  

following  sections  discuss  each  step  in  greater  detail.   

3.2.1.  Initialization 

Simulations  are  exciting  because  the  researcher  has  a  great  deal  of  control  over  the  

physics  that  are  active  throughout  the  process.  The  initialization  step  is  a  crucial  point  

where  boundary  conditions,  simulation  size,  structure,  and  atomic  interactions  are  defined.  

Boundary  conditions  may  be  defined  as  periodic,  which  allows  for  material  simulations  

closer  to  bulk  behavior  rather  than  being  strictly  limited  to  nanoscale  behavior,  as  fixed  

boundaries,  acting  as  reflectors,  or  as  shrink-wrapped,  adjusting  to  the  motion  of  the  atoms  

in  contraction  or  expansion.  The  crystal  structure  of  a  material  and  its  unit  cell  is  crucial  

for  effectively  creating  a  material  in  the  simulation  space.  Interatomic  potentials,  which  are  

approximations  used  in  place  of  quantum  mechanics  and  parameterized  via  density  functional  

theory  and  experiments,  define  the  interactions  between  atoms  in  the  system.  Single  crystals  

are  usually  straightforward  to  create;  defects  such  as  point  defects,  dislocations,  grain  

boundaries,  and  inclusions  are  manually  created,  though  this  process  can  often  be  automated  

following  the  creation  of  a  single  crystal.   

The  size  of  the  system  and  the  amount  of  time  simulated  is  limited  by  the  processing  

power  at  the  disposal  of  the  researcher.  Molecular  dynamics  simulations  tend  to  range  in  
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size,  from  merely  thousands  of  atoms  to  tens  of  billions  of  atoms,  allowing  for  material  

sizes  ranging  from  nanometers  to  micrometers.  Similarly,  thousands  to  billions  of  time  

steps  can  be  modeled,  allowing  for  timescales  ranging  from  picoseconds  to  nanoseconds.  

The  computational  cost  of  simulations  and  their  data  output  is  a  problem  of  its  own  in  

the  realm  of  extremity. 

3.2.2.  Equilibration 

Once  the  material  is  created,  equilibration  provides  an  opportunity  to  ensure  that  

the  simulation  is  physically  meaningful  and  accurate.  Equilibration,  which  usually  refers  to  

the  minimization  of  a  system’s  potential  energy  prior  to  integration,  provides  the  opportunity  

to  check  that  the  simulation  will  be  representative  of  reality.  For  example,  helium  bubbles  

are  known  to  be  several  nanometers  wide  in  copper,  but  incorrect  assumptions  will  cause  

the  helium  to  diffuse  throughout  the  sample  despite  the  fact  that  it  is  known  to  coalesce  

in  copper. 

Boundary  conditions  are  also  elucidated  upon  via  thermodynamic  ensembles.  The  

microcanonical  ensemble  (NVE)  is  quite  common  in  shock  simulations  and  is  also  referred  

to  as  a  non-equilibrium  molecular  dynamics  simulation.  The  NVE  ensemble  assumes  the  

number  of  atoms,  volume,  and  energy  of  the  system  to  be  constant  at  each  time  step.  

This  allows  for  restrictions  that  drive  the  system  to  be  isolated  and  examined.  For  example,  

the  state  of  uniaxial  stress  imposed  by  shock  may  require  rescaling  in  the  loading  direction,  

which  would  cause  simulation  cell  volume  to  vary  linearly  in  time.  Note  that  for  simulations  

with  shrink-wrapped  boundary  conditions  imposed,  the  volume  may  change  due  to  the  

motion  of  the  atoms  contained  in  the  system. 
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3.2.3.  Integration 

Integration  is  usually  the  most  computationally  expensive  part  of  the  simulation  and  

is  the  portion  of  the  simulation  where  the  experiment  itself  is  performed.  Molecular  

dynamics  simulations  are  used  across  a  breadth  of  materials  science  problems,  including  

nanoindentation,  diffusion,  and  homogeneous  loading.  The  system  is  discretely  integrated  

using  a  finite  difference  method.  In  this  work,  a  velocity  Verlet  scheme  consisting  of  a  

central  difference  method  is  utilized  to  calculate  momentum  and  position  subject  to  some  

force  for  each  atom  at  the  half  steps  before  and  after  each  time  step,  producing  the  

position  and  momentum  of  each  atom  at  each  time  step  [197],  [198]. 
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3.3  Processing  Simulation  Output 

 Throughout  molecular  dynamics  simulations,  the  state  of  the  simulation  is  able  to  

be  output  during  the  whole  process,  though  this  must  be  specified  ahead  of  time.  In  the  

initialization  and  equilibration  phase,  the  sample  can  be  examined  visually  or  via  its  

physical  state,  such  as  position,  velocity,  stress,  temperature,  etc.;  this  is  important  for  

ensuring  that  the  integration  steps,  where  the  simulation  itself  happens,  are  not  invalidated  

by  assumptions  made  during  initialization  and  equilibration.  As  the  simulation  runs,  data  

can  be  continuously  output  as  specified.  The  desired  output  and  its  frequency  must  also  

be  stipulated  before  the  simulation  begins.  Simulations  are  set  to  output  a  log,  updated  at  

a  specified  interval,  where  global  parameters  are  continuously  written.  Dump  files  can  be  

output  at  periodically  as  well,  and  include  the  local  positions  and  velocities  for  all  atoms.  

Quantities  such  as  stress  tensors  and  kinetic  energies  for  each  atom  may  also  be  calculated. 

As  previously  discussed,  molecular  dynamics  simulations  allow  for  the  study  of  

crystalline  materials  to  be  performed  atomistically.  Under  shock  loading,  defects  and  material  

heterogeneities  play  vital  roles  in  material  performance;  the  ability  to  easily  visualize  these  

imperfections  is  paramount  to  elucidating  the  spatial  and  temporal  resolution  under  shock  

that   
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molecular  dynamics  is  intended  for.  Processing  the  data  output  by  MD  simulations  requires  

significantly  more  time  than  the  simulation  itself  due  to  the  amount  of  data  output  from  

the  simulation  and  the  countless  number  of  ways  to  visualize  the  results,  as  demonstrated  

in  Figure  3-1  [199].  OVITO  (Open  Visualization  Tool)  is  one  of  many  tools  that  provide  

a  means  of  visualizing  this  data;  an  example  of  the  process  is  outlined  in  Figure  3-2  

[200].  Methods  for  visualizing  defects  and  other  relevant  MD  simulation  results  used  in  

present  MD  studies  are  presented  in  the  remainder  of  this  section. 

  

Figure  3-1:  Visualization  schemes  of  a  dislocation  moving  through  a  nanograin.  From  

Swygenhoven  [101]. 
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Figure  3-2:  Method  of  processing  data  in  OVITO.  From  Stukowski  [102]. 

 

3.3.1.  Calculations  of  strain  rate,  stress,  and  temperature 

OVITO  allows  the  user  to  enter  custom  criteria  and  calculations,  which  is  useful  

for  calculating  strain  rate,  stress,  and  temperature  based  on  the  information  output  from  

the  simulation.  Strain  rate  can  be  calculated  along  the  shock  loading  direction  oriented  in  

any  direction  (here,  z  is  used)  using  the  first  derivative  of  the  density: 

 

𝜀̇ ≡ − $
6
7"
7-
>
8
.             (12) 

 

For  a  given  time,  the  strain  rate  may  be  calculated  via  the  spatial  derivatives  of  

velocity  and  density  of  the  material: 

 

              𝜀̇ = ?79
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.              (13) 

 

The  stress  state  of  the  material  is  measured  by  the  simulation,  but  this  relies  heavily  on  

the  interatomic  potential  describing  the  forces  acting  between  each  atom.  Continuum  
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mechanics  describes  stress  as  the  first  volumetric  derivative  of  potential  energy,  which  does  

not  physically  make  sense  for  single,  discretized  atoms.  Instead,  a  virial  stress  is  calculated  

based  on  an  atom’s  interaction  with  its  neighbors,  their  velocities,  and  the  atom’s  atomic  

volume  [201].  This  quantity  is  averaged  along  the  direction  of  interest  using  discrete  bin  

sizes,  yielding  the  full  stress  state  of  the  material.  Based  on  this  output,  the  hydrostatic  

pressure  is  calculated  in  OVITO  via 

 

𝑃 = $
:
-𝜎;; + 𝜎<< + 𝜎88/.        (14) 

 

For  a  material  shocked  along  the  z  coordinate,  the  deviatoric  shear  stress  is  calculated  

using 

 

𝜏 = $
%
C𝜎88 −

$
%
-𝜎;; + 𝜎<</D.        (15) 

 

Temperature  can  be  output  from  simulation  data,  but  when  examining  the  local  

temperature  of  imperfections,  the  translational  velocity  of  the  atoms  moving  along  the  

shock  direction  in  proximity  to  the  defect  may  not  be  representative  of  the  velocity  of  the  

defect  in  space.  Temperature  can  be  calculated  as   

 

𝑇 = $
=
∑ >
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|𝑢@HHHH⃑ |%=
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(16) 
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where  N  is  the  number  of  atoms,  𝑘B  is  Boltzmann’s  constant,  𝑁C  is  Avogadro’s  number,  

m  is  the  average  atomic  mass,  and  𝑢@  is  the  velocity  vector  for  each  atom.  To  account  

for  the  temperature  around  defects  for  a  material  shocked  along  the  z-axis,  temperature  

may  be  simplified  to   

		𝑇 = $
=
∑ >

%?#=$
-𝑢@,;% + 𝑢@,<% /=

@A$            

(17) 

3.3.2.  Centrosymmetry  parameter 

This  analysis  method  is  built  in  to  OVITO  and  utilizes  the  known  pristine  lattice  

structure,  specifically  the  number  of  nearest  neighbors  expected,  to  measure  the  local  lattice  

disorder  of  the  system.  This  allows  for  the  identification  of  local  defects  such  as  dislocations  

and  stacking  faults.  An  atom  with  N  nearest  neighbors  has  centrosymmetry  parameter  of 

 

𝑝D!E = ∑ M𝑟@ + 𝑟@F%&
M
%

=/%
@A$     (18) 

  where  𝑟@  and  𝑟@F%&
  extend  radially  from  the  central  atom  towards  its  opposite  neighbors  

[202].  For  a  perfect  crystal,  these  values  will  cancel  and  centrosymmetry  parameter  will  

be  zero,  but  in  the  presence  of  defects,  the  value  will  be  positive. 

3.3.3.  Common  neighbor  analysis  &  Identify  diamond  structure 

Centrosymmetry  parameter  is  limited  by  its  inability  to  characterize  less  symmetric  

structures  such  as  hexagonal  close  packed  and  diamond  structures.  Common  neighbor  

analysis  (CNA)  allows  for  pairs  of  atoms  to  be  characterized  in  order  to  identify  the  exact  

atoms  associated  with  specific  phases  and  defects  throughout  the  material  [203],  [204].  
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There  are  multiple  methods  employed  to  achieve  this  goal.  First,  conventional  CNA  uses  

a  fixed  cutoff  radius,  depending  on  the  crystal  structure,  to  determine  whether  or  not  a  

pair  of  atoms  is  bonded.  Adaptive  CNA  can  be  used  for  multiphase  systems  and  is  able  

to  automatically  calculate  the  optimal  cutoff  radius  for  each  individual  particle  [205].  

Finally,  bond-based  CNA  utilizes  information  output  from  simulations  regarding  the  bonds  

rather  than  a  cutoff  radius.  CNA  requires  more  computational  power  than  the  

centrosymmetry  parameter  but  allows  for  an  increased  ability  to  examine  different  phases  

and  imperfections  created  during  shock. 

Related  to  CNA  is  the  Identify  diamond  structure  tool,  which  takes  into  account  

the  second  nearest  neighbors  to  determine  if  the  system  is  cubic  or  hexagonal  diamond  

structured  [206].  This  is  done  by  identifying  the  basis  of  the  system  and  determining  if  

that  basis  create  an  fcc  or  hcp  structure;  for  one  atom,  its  nearest  neighbors  are  determined,  

for  which  the  next  nearest  neighbors  are  then  identified.  These  12  atoms  are  then  checked  

to  be  on  either  an  fcc  or  hcp  lattice,  confirming  if  they  are  diamond  cubic  or  hexagonal  

cubic,  respectively.  In  this  neighbor  analysis,  first  and  second  neighbors  are  also  noted,  

enabling  the  identification  of  twins  and  phase  boundaries  in  materials. 

3.3.4.  Coordination 

The  Coordination  functions  allows  for  two  methods  of  analysis;  first,  the  number  

of  neighbors  for  each  atom  is  calculated  as  the  coordination  number.  Second,  the  radial  

distribution  function  is  computed,  allowing  for  quantification  of  the  likelihood  of  findings  

an  atom  a  given  distance  away  from  some  initial  atom  location.  This  function  is  normalized  

by  the  total  number  of  particles  divided  by  the  simulation  volume.  Updates  to  this  tool  
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also  allow  for  the  computation  of  partial  RDF’s,  which  aid  in  identifying  the  different  

phases  of  materials  containing  multiple  atom  species.  The  coordination  tool  is  useful  in  

determining  where  voids  have  formed  since  it  decreases  near  free  volumes  and  for  

examining  both  crystalline  and  amorphous  phase  changes  for  materials  such  as  silicon  

carbide. 

3.3.5.  Dislocation  Extraction  Algorithm 

Depending  on  the  size  and  complexity  of  the  simulation,  the  Dislocation  Extraction  

Tool  (DXA)  is  useful  in  visualizing  not  just  dislocations,  but  the  specific  types  present  in  

the  simulation  result  [207].  This  allows  for  clearer  visualization  of  dislocations  and  their  

sources,  as  well  as  calculation  of  the  Burgers  vectors  for  each  dislocation.  This  tool  uses  

1  kb  per  atom,  meaning  that  every  million  atoms  require  1  GB  of  free  memory  to  utilize  

DXA.  As  for  complexity,  this  tool  is  limited  to  fcc,  bcc,  hcp,  and  diamond  cubic  crystals  

with  single  species  of  atoms  only.  The  underlying  method  employed  is  the  Burgers  circuit  

construction  developed  in  the  1950s  [208].   
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Chapter 4 Shock  Compression,  Deformation,  &  Bubble  Collapse   

4.1  Introduction  &  Significance 

When  a  material  is  subjected  to  shock  compression,  a  state  of  uniaxial  strain  is  

induced,  generating  shear  stresses  that  are  a  significant  fraction  of  the  applied  stress.  These,  

in-turn,  activate  the  mechanisms  by  which  materials  deform  in  this  extreme  regime.  The  

behavior  of  a  material  under  shock  loading  is  greatly  influenced  by  its  structure  and  

composition,  with  factors  such  as  grain  size,  texture,  porosity,  and  other  defects  altering  

the  mechanisms  of  deformation.  All  real  materials  contain  a  significant  number  of  defects,  

such  as  vacancies,  impurities,  dislocations,  grain  boundaries,  and  voids.  These  defects  may  

act  as  initiation  sites  for  damage,  due  to  the  intense  plastic  deformation  around  them  and  

by  acting  as  sites  for  cracking.   

 The  study  of  the  role  of  pre-existing  defects  during  shock  loading  presents  special  

challenges  due  to  the  required  spatiotemporal  resolution  to  probe  such  rapid  and  small-

scale  phenomena.  Microstructure,  including  pre-existing  defects  clearly  affects  the  dynamic  

behavior  of  materials  [1]–[6].  For  example,  vacancies,  impurities,  dislocations,  and  shock-

induced  phase  changes  may  activate  heterogeneous  dislocation  nucleation,  decrease  the  

shock  stress  needed  to  initiate  plasticity,  induce  shock  melting,  influence  twinning  behavior,  

and  alter  the  dynamic  strength  of  a  material  [7]–[16].  Grain  boundaries  have  been  studied  

extensively  as  sources  and  sinks  of  dislocations  due  to  the  interplay  between  grain  size,  

strain  rate,  and  material  strength  [17]–[35];  defects  interact  heavily  with  grain  boundaries.  

Larger  pre-existing  heterogeneities  such  as  second-phase  particles  and  inclusions  have  also  

been  linked  to  changes  in  damage  nucleation  mechanisms  and  spall  strength  [36]–[43],  

[44].   
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Considerable  research  has  been  done  to  understand  the  behavior  of  voids  under  

shock  loading,  especially  due  to  substantial  interest  in  porous  and  explosive  media,  where  

voids  can  generate  hot  spots  and  initiate  detonation  [45]–[50].  In  spalling  generated  by  the  

reflection  of  shock  waves  at  free  surfaces,  the  nucleation,  growth,  and  coalescence  of  voids  

has  been  well-studied,  with  significant  evidence  pointing  to  void  growth  via  dislocation  

emission  as  the  mechanism  of  deformation[34],  [51]–[59].  For  collapsing  voids,  a  description  

of  their  constitutive  behavior  under  shock  compression  has  helped  elucidate  the  shock  

behavior  of  distended  materials  [60],  [61].  Simulations  show  that  dislocation  loops  emitted  

during  void  collapse  are  shear  loops,  with  intense  local  plasticity  being  generated  for  voids  

in  proximity  to  one  another  [62]–[64].  The  development  of  shear  loops  has  been  linked  to  

geometrically  necessary  dislocations,  demonstrating  that  as  a  cavity  collapses,  shear  

dislocation  loops  carry  vacancies  away  from  the  void,  thus  coupling  the  processes  of  

compaction  and  plasticity  [65].   

Specific  interest  in  voids  filled  with  He  (He  bubbles)  has  grown  due  to  the  extreme  

environments  where  helium  damage  may  be  induced,  such  as  fusion  reactors  and  spacecrafts.  

Such  environments  degrade  material  properties  via  irradiation,  generating  vacancies,  voids,  

and  dislocations    ,  as  well  as  helium  defects  due  to  its  low  solubility  in  metals  such  as  

copper  [230],  [231].  Helium  has  been  shown  to  cause  embrittlement,  swelling  and  hardening  

[227],  [231]–[235]  and  may  play  an  important  role  in  material  strength.  As  such,  helium-

implanted  materials  under  shock  loading  [147],  [164],  [236]–[239]  have  become  particularly  

interesting.  This  study  aims  to  better  understand  the  atomistic  scale  processes  of  deformation  

when  copper,  seeded  with  He-filled  voids,  is  subjected  to  shock  compression.   
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4.2  Methodology 

Molecular  dynamics  (MD)  simulations  provide  the  appropriate  spatial  and  temporal  

resolution  to  study  the  nanoscale  behavior  of  voids,  both  empty  and  He-filled,  under  shock  

compression.  The  role  of  void  size  and  internal  pressure  in  dictating  the  dynamic  response  

of  a  <111>  single  crystal  copper  was  investigated  in  this  work  using  the  Large-scale  

Atomic/Molecular  Massively  Parallel  Simulator  (LAMMPS)  [240].  All  interatomic  

interactions  for  Cu-Cu  and  Cu-He  were  described  using  a  splined  EAM  potential  developed  

by  Demkowicz  et.  al[195].  Quantitative  analysis  of  generated  defects  under  shock  

compression  and  visualization  was  performed  using  OVITO  [199].  Single  crystal  copper  

was  oriented  such  that  the  x,  y,  and  z  axes  correspond  to  the  [11O0],  [111],  and  [112O]  

crystallographic  directions  with  dimensions  of  50.0  nm  by  125.0  nm  by  50.0  nm  for  a  

total  of  26.9  million  atoms.  The  simulation  cell  is  periodic  in  the  x  and  z  directions.   

 The  goal  of  this  study  was  to  determine  the  interplay  between  initial  bubble  size  

and  initial  bubble  pressure  as  it  impacts  the  dynamic  behavior  of  materials.  To  achieve  

this  goal,  it  was  important  to  perform  systematic  simulations  where  only  one  parameter  at  

a  time  was  changed.  Hence,  in  this  work  only  a  single  bubble  was  added  to  the  simulation  

cell  by  selecting  and  deleting  a  spherical  region  of  copper  with  a  specified  radius  centered  

at  a  depth  of  20  nm  from  the  free  surface.  The  radius  of  the  bubble  was  varied  from  2  

to  9  nm  while  the  internal  pressure  was  held  constant.  Since  the  goal  of  the  study  was  

to  also  investigate  the  role  of  internal  pressure  on  the  collapse  of  these  voids,  the  pressure  

was  varied  from  0  to  347  MPa  for  a  given  bubble  size.  To  create  a  zero  internal  pressure  

within  the  bubble,  the  spherical  defect  was  initially  left  empty;  we  will  refer  to  this  zero-

pressure  bubble  as  a  void  from  now-onwards.  Addition  of  helium  atoms  increased  the  
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internal  pressure;  this  was  done  by  embedding  an  FCC  lattice  of  helium  with  a  lattice  

constant  of  0.424  nm  (inducing  an  internal  pressure  of  173.5  MPa)  or  a  lattice  constant  

of  0.354  nm  (inducing  an  internal  pressure  of  347.0  MPa)  into  the  single  bubble.  Any  

copper  atoms  that  overlapped  with  the  helium  atoms  were  deleted.  Throughout  this  paper,  

we  refer  to  samples  containing  helium  bubbles  with  an  initial  internal  pressure  of  173.5  

MPa  as  Cu-He-173.5  while  samples  containing  helium  bubbles  with  an  initial  internal  

pressure  of  347  MPa  as  Cu-He-347.  The  initial  internal  pressure  of  the  bubble  contained  

in  each  sample  was  computed  using  the  ideal  gas  law  since  the  number  of  atoms  in  the  

bubble,  temperature,  and  bubble  volume  are  known.  The  simulation  cell  used  in  this  study  

is  shown  in  Figure  4-1. 

 

 

 

Figure  4-1:  Initial  configuration  of  shock  simulations  along  the  [111]  direction  of  FCC  
single  crystal  Cu  implanted  with  a  void  filled  with  He  and  a  radius  of  9.0  nm.  The  
helium  bubbles  are  implanted  at  a  depth  of  20.0  nm  from  the  flat  free  surface.  The  
radius  is  varied  from  2.0  to  9.0  nm,  while  the  ratio  of  He  atoms  to  Cu  vacancies  is  
varied  from  1:1  to  1:2. 
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After  the  addition  of  the  bubble,  the  system  was  equilibrated  using  a  Nosé-Hoover  

isobaric-isothermal  ensemble  (NPT)  at  a  pressure  of  0  MPa  at  300  K  for  10  ps.  Following  

equilibration,  the  system  was  shocked  along  the  y  axis  using  a  momentum  mirror  [241]  at  

particle  velocities  of  1.0,  2.0,  and  2.5  km/s,  which  correspond  to  peak  shock  stresses  of  

48,  123,  and  170  GPa,  respectively.  Measurements  such  as  material  temperature,  stress,  

and  potential  energy  were  obtained  via  LAMMPS  simulations  and  visualized  in  OVITO  

[199].  Dislocations  were  identified  and  quantified  using  the  Dislocation  Extraction  Algorithm  

(DXA)  [206]  as  the  shock  front  moved  through  the  material.  To  ensure  accurate  comparison  

to  experimental  work,  where  helium  bubbles  are  too  small  to  be  detected  by  any  of  the  

available  diagnostics,  the  analysis  focused  on  the  behavior  of  copper  atoms. 
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4.3  Results  and  Discussion 

The  goal  of  this  study  is  to  understand  the  role  of  bubbles  as  a  function  of  size  

and  internal  pressure  on  the  shock  compression  behavior  of  copper.  For  all  shock  

compression  pulses  applied,  the  empty  voids  collapse,  with  the  exception  of    those  with  a  

radius  of  9.0  nm  for  a  particle  velocity  of  1.0  km/s.  On  the  other  hand,  helium-filled  

bubbles  (at  both  173.5  MPa  and  347  MPa  initial  internal  pressures)  tend  to  resist  collapse  

until  the  particle  velocity  exceeds  2.0  km/s.  As  a  first  step  towards  understanding  the  

process  of  collapse,  the  excess  energy  of  each  system  with  either  voids  or  helium  bubbles  

was  calculated  and  compared  to  pure  copper,  as  shown  in  Figure  4-2.  The  excess  energy  

is  calculated  by  measuring  the  total  potential  energy  of  each  defective  system,  subtracting  

the  potential  energy  of  a  pristine  single  crystal  copper  sample  with  identical  dimensions  

(for  these  simulations,  such  a  perfect  crystal  would  have  26.9  million  atoms  each  having  

a  potential  energy  of  3.54  eV/atom),  and  adding  the  potential  energy  of  helium  atoms  

when  applicable.  It  was  postulated  that  an  increase  in  excess  energy  may  contribute  to  

changes  in  the  collapse  of  the  bubble  and  dislocation  loop  emission.  However,  the  excess  

energy  curves  for  the  three  conditions  overlap  in  Figure  4-2,  suggesting  that  the  excess  

energy  is  not  significantly  changed.  The  excess  energy  for  even  the  largest  defects  never  

exceeded  a  1%  increase  in  energy  per  atom.  Furthermore,  increasing  the  internal  pressure  

of  the  bubble  generates,  at  most,  a  1%  increase  in  energy  per  atom.  Although   
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Figure  4-2:The  initial  excess  energy  in  the  system  increases  with  both  the  radius  of  the  
void  (shown  in  abscissa)  and  the  initial  internal  pressure  of  the  void  due  to  added  helium  
atoms  in  that  region. 

 

the  excess  energy  was  thought  to  be  converted  to  additional  kinetic  energy  under  sufficiently  

strong  shock  compression,  thus  leading  to  the  formation  of  localized  hot  spots,  there  is  

not  enough  excess  energy  for  this  to  be  the  sole  explanation  for  localized  temperature  
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increase.  Thorough  examination  and  analysis  of  the  local  microstructure  of  the  material  

under  shock  loading  instead  reveals  a  significant  concentration  of  dislocation  activity  

surrounding  the  voids  and  helium  bubbles;  the  dislocation  generation  and  its  implications  

are  further  explored  throughout  this  study. 

4.3.1  Emission  of  Dislocations 

As  the  shock  front  passes  through  the  bubbles  and  voids,  defects  such  as  dislocations  

are  generated.  Indeed,  the  current  study  does  show  the  nucleation  and  evolution  of  

dislocations  from  this  process  as  illustrated  in  Figure  4-3  regardless  of  bubble  size  or  

pressure.  However,  the  type  and  density  of  dislocations  is  altered  by  these  variables.  Voids  

that  are  2  nm  in  radius  completely  collapse  at  a  particle  velocity  of  1.0  km/s,  demonstrated  

in  Figure  4-3.    Note  that  the  image  shows  the  sample  sliced  through  the  middle  to  better  

view  the  defects  generated  at  the  surface  of  the  voids,  though  analysis  to  obtain  dislocation  

density  is  performed  on  the  entire  3D  region.    This  image  shows  that  the  generated  

dislocations  are  primarily  Shockley  partials,  shown  as  green  lines,  and  stacking  faults,  

shown  as  red  lines.  There  are  also  some  regions  that  can  be  construed  as  amorphous,  

indicated  by  yellow  and  purple  atoms  due  to  a  loss  of  order  in  the  crystalline  structure  

around  the  voids.      In  contrast  to  the  void,  the  2  nm  Cu-He-173.5  and  Cu-He-347  do  not  

fully  collapse  at  1.0  km/s.    Specifically,  as  the  shock  passes  through  Cu-He-173.5,  the  

bubble  acquires  a  cuboidal  shape  as  a  result  of  dislocations  being  emitted  in  an  anisotropic  

manner  along  the  <111>  planes.  The  effect  is  dramatic,  if  one  considers  that  the  internal  

pressures  (173.5  and  347  MPa)  are  a  small  fraction  of  the  applied  shock  stress  (48,  123,  

and  170  GPa).  The  traces  of  the  dislocations  in  the  cross-sections  of  Figure  4-3  show  the  



 108 
 
 
 

emission  of  dislocations,  especially  at  the  early  stages  of  compression  (18  ps).  As  the  

number  of  dislocations  emitted  increases,  the  dislocation  network  increases  in  complexity  

as  the  defects  interact  with  one  another.  Molecular  dynamics  provides  a   

 

Figure  4-3:  As  the  shock  front  (with  velocity  1.0  km/s)  moves  past  a  void  with  an  
initial  radius  of  2  nm,  dislocations  are  emitted  from  the  void.  Figures  a-c  show  the  full  
collapse  of  the  empty  void  under  shock  loading,  where  a  significant  number  of  Shockley  
partial  dislocations  are  emitted.  Figures  d-f  show  the  helium  bubble  in  Cu-He-173.5  does  
not  collapse  under  shock  loading,  emitting  less  dislocations.  This  effect  is  more  
pronounced  in  figures  g-i,  depicting  Cu-He-347. 
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detailed  description  of  the  dislocations  generated,  and  discerns  between  perfect,  partial,  

stair-rod,  Hirth,  and  Frank  dislocations.  The  majority  of  dislocations  are  configured  as  shear  

dislocation  loops,  which  has  been  observed  in  previous  MD  simulations  [157],  [222],  [242].   

The  quantification  of  the  dislocations  surrounding  the  voids  for  the  three  cases  

reveals  interesting  features  and  trends.  The  dislocation  density  as  a  function  of  void  size  

has  been  determined  for  voids  subjected  to  a  particle  velocity  of  1.0  km/s,  with  detailed  

measurements  of  dislocation  type  included.  For  small  voids  (with  a  radius  R=2  nm),  Figure  

4-4a  shows  that  He-filled  voids  tend  to  generate  more  dislocations.  Cu-He-173.5  generates  

the  most  dislocations  at  this  small  size,  the  majority  of  which  are  Shockley  partial  

dislocations,  as  shown  in  Figure  4-4c;  Cu-He-347  generates  more  perfect  and  sessile  

dislocations,  detailed  in  Figures  4-4b  and  4-4d.  Though  later  calculations  show  an  increase  

in  the  critical  stress  required  for  dislocation  nucleation  as  the  internal  pressure  of  a  cavity  

increases,  seemingly  contradicting  the  number  of  dislocations,  a  void  having  a  radius  of  

2.0  nm  undergoes  full  and  rapid  collapse,  which  lessens  the  localization  of  dislocation  

production  since  there  are  no  longer  any  vacancies  available  to  be  carried  away  by  

dislocation  loops.  Overall,  the  total  dislocation  density  increases  as  a  function  of  defect  

radius  in  all  three  cases.  As  illustrated  in  Figure  4-4b,  the  density  of  perfect  dislocations  

decreases  between  radii  of  2  nm  and  3  nm,  most  clearly  for  the  empty  and  the  most  

densely  filled  void.  As  the  size  of  the  voids  increases,  prior  to  local  melting,  the  total  

dislocation  density  tends  to  increase,  similar  trends  observed  in  past  studies.   
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Figure  4-4:The  dislocation  density  around  void  as  a  function  of  void  size  for  voids  
subjected  to  a  peak  pressure  of  48  GPa.  Figure  a  shows  the  total  dislocation  density.  
Figure  b  illustrates  the  dislocation  density  for  perfect  dislocations.  Figure  c  shows  the  
dislocation  density  for  Shockley  partials  while  figure  d  shows  the  dislocation  density  of  
sessile  dislocations,  including  stair-rod,  Hirth,  and  Frank  dislocations.  For  small  voids,  
He-filled  defects  tend  to  produce  more  dislocations  than  the  empty  void,  but  as  the  void  
size  increases,  the  empty  void  produces  remarkably  more  dislocations,  likely  due  to  its  
full  collapse.   
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This  behavior  can  be  further  examined  by  using  a  model  first  postulated  by  Lubarda  

et  al.  [162],  that  described  the  mechanism  by  which  shear  dislocation  loops  are  generated  

and  move  to  increase  the  volume  of  voids  as  verified  in  several  molecular  dynamics  studies  

[150],  [152],  [157],  [242],  and  also  applies,  mutatis  mutandis,  to  the  collapse  of  voids.  

This  mechanism  is  especially  relevant  to  the  growth  and  collapse  of  voids  with  dimensions  

in  the  nanometer  scale,  before  a  highly  work-hardened  layer  is  formed  surrounding  the  

void.  The  essential  features  are  shown  as  a  hypothetical  and  simplified  two-dimensional  

rendition  in  Figure  4-5.  In  order  to  remove  the  complexity  of  three-dimensional  loading,  

the  hydrostatic  stress  state  is  replaced  by  one  in  which  compression  in  the  X1X2  plane  is  

symmetrically  convergent  (pseudo-hydrostatic)  for  the  sake  of  simplifying  the  discussion.  

In  general,  to  estimate  which  slip  planes  would  activate  for  a  given  loading  condition,  a  

critical  resolved  shear  stress  along  those  planes  is  required,  which  can  be  estimated  based  

on  the  Schmid  Factor.  For  the  bi-axial  loading  condition,  only  two  slip  planes,  (111)  and  

(11O1),  will  have  the  maximum  Schmid  factor  and  hence  the  ability  to  potentially  activate.  

The  stress  state  at  the  void  surface  is  altered  because  normal  stresses  perpendicular  to  the  

surface  are  assumed  to  be  zero.  There  are  four  positions,  in  Figure  4-5,  where  shear  

stresses  are  maximum:  they  correspond  to  the  point  where  the  angle  formed  by  the  

intersection  of  (111)/(11O1)  planes  at  the  void  surface  meets  the  tangent  forming  a  45o  

angle.  Once  the  shear  stress  along  this  direction  reaches  a  critical  level,  edge  dislocations  

are  emitted  into  the  material,  reducing  the  volume  of  the  void.  This  is  shown  in  a  

simplified  manner  in  Figure  4-5  with  the  emission  of  two  dislocations  at  each  intersection;  

though  Figure  4-5  is  only  two  dimensional,  the  edge  dislocations  generated  contribute  to  

the  formation  of  shear  loops,  which  is  addressed  below.   
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Figure  4-5:  Positions  of  maximum  shear  stress  on  the  surface  of  a  void  in  biaxial  
compression  with  two  slip  planes  ((111)  and  ((111O),		)).  Emission  of  dislocations  at  these  
points,  leading  to  a  decrease  of  void  volume.   

 

In  contrast  to  the  above  model,  a  closer  look  in  3D  at  the  dislocations  and  stacking  

faults  emitted  from  voids  and  helium  bubbles  via  MD  simulations  (Figure  4-6),  shows  a  

complex  deformation  pattern  which  suggests  that  instead  of  just  two,  all  four  slip  systems  

((111), (111O), (1O11)  and  (11O1))  are  simultaneously  activated.      While  critical  resolved  

shear   
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Figure  4-6:  A  closer  look  at  the  dislocation  structures,  now  in  three  dimensions,  shows  
that  the  voids  mainly  emit  Shockley  partial  dislocations  (green  lines).  The  red  atoms  
correspond  to  stacking  faults.  The  four  slip  planes  are  clearly  visible.  The  white  atoms  
are  copper  atoms  at  the  surface  of  the  bubble  and  voids.    Figures  4-6a  &  d  illustrate  
the  void,  while  Figures  4-6b  &  e  illustrate  Cu-He-173.5  and  Figures  4-6c  &  f  demonstrate  
Cu-He-347. 

 

stress  calculations  can  provide  an  estimate  of  which  slip  systems  might  activate,  it  is  

important  to  note  that  the  initial  estimate  is  based  on  an  average  loading  stress  and  does  

not  take  local  stress  concentrations  into  account  [243].  These  local  stress  concentrations  

are  significant  around  the  voids  and  bubbles,  leading  to  the  emission  of  shear  dislocation  

loops  as  the  defect  is  compressed.  Importantly,  the  shear  loops  associated  with  changes  in  

defect  volume  are  special  because  they  remain  attached  to  the  void/bubble  surface,  as  

discussed  in  previous  works  [162],  [242].  While  prior  studies  postulated  the  formation  of  

prismatic  loops  (which  were  observed  in  BCC  metals  and  demonstrated  separation  from  

the  void  surface)  [242],    no  prismatic  loops  are  observed  in  Figure  5  or  in  copper  due  to  

the  separation  of  partial  dislocations  which  impedes  cross  slip  and  prohibits  prismatic  loop  

generation. 
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A  more  realistic  depiction  of  the  mechanism  of  shear  loop  generation,  propagation,  

and  interaction  than  the  one  shown  in  Figure  4-5  is  shown  in  Figure  4-7.  Four  planes  of  

the  {111}  family  are  shown,  positioned  such  that  they  intersect  the  spherical  void  forming  

450  angles,  where  shear  stresses  are  at  their  maximum.  These  planes  bisect  the  diametral  

circles  and  the  sphere  apex.  The  intersections  of  these  planes  are  the  directions  [110],

[101O], [101],  and  [11OOOO0].  Shockley  partials  are  emitted  when  the  shear  stress  on  these  

planes  reaches  a  critical  level.    The  leading  partials  from  different  slip  planes  eventually  

intersect  and  create  a  network  of  reaction  products  that  have  been  analyzed  by  Traiviratana  

et  al.  [222].  The  intersection  directions  are  shown  in  Figure  4-6  and  can    be  identified  as  

stair-rod  dislocations,  consistent  with  observations  by  Traiviratana  et  al  [222].  While  the  

process  of  shear  loop  generation  under  shock  compression  for  a  single  void  aligns  with  

previous  findings  for  void  growth  via  shear  loop  emission,  helium  bubbles  clearly  diminish  

the  number  of  dislocations,  alluding  to  an  increased  resistance  to  deformation  from  the  

defect.   
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Figure  4-7:  Schematic  representation    of  emission  of  shear  dislocation  loops  in  blue  
during  collapse  of  a  void  whose  surface  is  colored  purple;  four  non-perpendicular  slip  
planes    ((111),(1O11)  ,  (111O),and(11O1)  )  are  shown;  (a)  planes  of  maximum  shear  shown  
with  the  initiation  of  partial  edge  dislocation    emission;  (b)  continued  evolution  of  leading  
partials  on  four  planes;  (c)  trailing  partial  emitted;  (d)  intersection  of  leading  partials  
along  directions  [110]  (for  (111)  and(111O)  ),  [101O]  (for  (111)  and(11O1)  ),[101]  (for  
(111O)    and(1O11)  ;    [110]  for  (11O1)    and  (-111).  (111), (111O), (1O11)  and  (11O1). 
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4.3.2.  Analytical  modeling 

The  shear  stress  required  to  emit  dislocation  loops  from  the  void/bubble  surface  

(and  thus  initiate  to  process  of  collapse)  is  related  to  the  shock  stress,  the  void/bubble  

radius,  and  the  internal  pressure  of  the  bubble.  Three  factors  need  to  be  considered:  the  

global  shear  stress  generated  by  the  shock;  the  stress  amplification  produced  at  the  

void/bubble  surface  by  the  global  stresses;  and  the  temperature-dependent  internal  pressure  

in  the  bubble.  These  factors  are  idealized  in  Figure  8a.  We  assume,  in  accordance  with  

Tang  et  al.  [242],  that  the  critical  shear  stress  for  dislocation  emission,  τc  ,  is  a  function  

of  the  bubble/void  radius  only,  and  do  not  consider  variations  in  shock  heating  of  the  bulk  

copper.  The  maximum  global  shear  stress,  τsg  ,  is  expressed  as  follows  for  shock  

compression  when  the  propagation  direction  is  along  the  y-direction:   

 

 𝜏&H =
𝜎<< − 𝜎;;

2 =
𝜎<< − 𝜎88

2  (1) 

σyy,  σxx,  and  σzz  are  the  three  components  of  stress  generated  by  the  propagation  of  

a  shock  pulse  along  the  y-direction.  The  uniaxial  strain  condition  sets  𝜎88 = 𝜎;;.  These  

lateral  stresses  are  related  to  the  shock  stress,  σyy  ,  through:   

 

 𝜎88 = 𝜎;; =
𝜈

1 − 𝜈 𝜎<< (2) 

where  𝜈  is  the  Poisson’s  ratio.  Thus:     

         

 𝜏&H =
1 − 2𝜈
2(1 − 𝜈) 𝜎<< (3) 
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At  the  surface  of  either  a  void  or  bubble,  stress  is  concentrated  due  the  presence  

of  the  defect.  Assuming  an  isotropic  material,  the  local  shear  stress  at  the  surface  of  the  

void/bubble,  𝜏&/  is  obtained  from  the  classic  stress  concentration  equation  by  Timoshenko  

and  Goodier  [244]: 

 

 𝜏&/ = T1 +
13 − 5𝜈
2(7 − 5𝜈)X 𝜏&H (4) 

 

When  there  is  an  internal  pressure  inside  of  the  defect,  such  as  the  helium  bubbles  

being  explored  in  this  work,  the  internal  pressure  opposes  the  shear  stress  imposed  by  

shock.  The  radial  (𝜎I)  and  hoop  stresses  (𝜎J,  𝜎K)  created  by  the  internal  pressure  (P)  and  

are  equal  to  [245]: 

 

 
𝜎I = −𝑃 C

𝑅
𝑟D

:

 (5) 

 

 
𝜎J = 𝜎K =

1
2𝑃 C

𝑅
𝑟D

:

 (6) 

 

where  R  is  the  radius  of  the  bubble  and  r  is  the  radial  distance  from  the  center  of  the  

bubble.  The  shear  stress  due  to  the  internal  pressure  is  obtained  from  the  radial  and  hoop  

stresses: 

 

 
𝜏" =

1
2 Y𝑃 C

𝑅
𝑟D

:

∓
1
2𝑃 C

𝑅
𝑟D

:

[ =
3
4𝑃 C

𝑅
𝑟D

:

 (7) 



 118 
 
 
 

 

For  r=R,  corresponding  to  the  surface  of  the  void,  this  simplifies  to     

 𝜏" =
3
4𝑃 (8) 

   

Tang  et  al  [242]  for  pure  copper  with  empty  voids  based  on  a  balance  between  

image  forces  (the  attraction  of  dislocations  to  the  free  surface  of  the  void)  and  the  

expansion  force  on  the  semi-circular  segment  due  to  the  shear  stresses  resulting  from  

hydrostatic  loading.  The  critical  maximum  shear  stress,  τc,  stress  for  the  emission  of  

dislocations  is  a  function  of  the  void  radius,  R: 

 

 𝜏L =
%M
N6B'

+ B'(%PQ)S
TN($PQ)U(

𝑙𝑛 CV>U(
W&6B'

D + M)*
SB'

                 (9) 

   

R1  is  the  radius  of  the  dislocation  loop,  which  is  assumed  to  be  half  of  the  void  radius  

R.  The  shear  modulus  of  copper  is  taken  to  be  G  =  44.7  GPa  for  copper,  while  Poisson’s  

ratio  is  𝜈  =  0.34.    𝑏" =
.
X
〈112〉 = 0.148  nm  is  the  Burgers  vector  of  a  partial  dislocation,  

a  is  the  lattice  constant  of  copper,    𝛾 = 1.239  Jm-2  is  the  surface  energy,    𝛾!Y = 44.4  Jm-

2    is  the  stacking-fault  energy  [242],  m  is  an  approximation  of  the  image  interaction  between  

a  semi-circular  dislocation  loop  and  a  void  (~2.2),  and		𝜌  is  the  material  density  (8.9  g/cm3)  

[242].   

The  critical  shear  stress  at  which  dislocations  are  emitted  is  represented  in  Fig.  8a  

and  takes  the  form: 
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 𝜏L = 𝜏&/ − 𝜏" (10) 

   

Therefore,  the  critical  shock  stress,  (σyy)c  at  which  dislocations  are  emitted  can  be  

calculated  by  inserting  Eqns.  3  and  4  into  Eqn.  10:   

 
-𝜎<</L =

2(1 − 𝜈)
1 − 2𝜈 T1 +

13 − 5𝜈
2(7 − 5𝜈)X

P$

-𝜏L + 𝜏"/ (11) 

 

Substituting  Eqns.  8  and  10  into  Eqn.  11:   

 
!𝜎++#, =

2(1 − 𝜈)
1 − 2𝜈 +1 +

13 − 5𝜈
2(7 − 5𝜈)0

-.

1
2𝛾
𝜋𝜌𝑏/

+
𝑏/(2 − 𝜈)𝐺
4𝜋(1 − 𝜈)𝑅.

𝑙𝑛 ;
8𝑚𝑅.
𝑒0𝜌𝑏/

? +
𝛾12
𝐺𝑏/

+
3
4𝑃A 

                  (12) 

 

The  shock  stress  required  for  dislocation  emission  during  shock-induced  void  growth  

from  the  surface  of  empty  and  helium  filled  bubbles  is  shown  as  dashed  lines  in  Figure  

4-8b.  The  effect  of  the  internal  bubble  pressure  is  seen  in  a  clear  manner.  The  same  figure  

shows  MD  simulation  results  for  four  diameters;  these  are  indicated  by  symbols  

corresponding  to  the  three  different  initial  pressures:  0,  173.5,  and  345  MPa.  The  analytical  

solution  assumes  a  global  measurement  of  the  shear  stress  within  the  material,  but  the  

open  symbols,  which  represent  the  shear  stress  measured  via  MD  within  a  cubic  region  

having  side  length  40.0  nm  and  centered  around  each  cavity,  show  stronger  agreement  

with  analytical  results  in  comparison  to  the  globally  measured  shear  stress  from  MD.  

Copper  atoms  located  sufficiently  far  enough  from  the  defect  are  not  subjected  to  the  

additional  work  done  at  the  cavity  surface  as  dislocation  loops  are  formed,  so  the  full  

bulk  global  shear  stress  measurement  is  skewed  by  the  size  of  the  sample  in  comparison  

to  the  size  of  the  cavity  embedded  in  each  simulation.  The  minimum  radius  of  2.0  nm  
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used  in  this  study  provides  a  ratio  R/b  equal  to  approximately  13,  which  is  marked  on  

the  plot.  Both  the  analytical  and  MD  calculations  predict  a  decrease  in  the  stress  required  

for  dislocation  generation  at  the  surface  of  the  defects  as  the  initial  defect  size  increases.    

Both  MD  results  and  the  analytical  model  show  that  the  addition  of  helium  requires  

increased  stress  for  dislocation  generation  since  the  internal  pressure  works  to  oppose  

deformation  via  shock  compression.  It  is  remarkable  to  note  that  for  Cu-He-347  with  an  

initial  radius  of  2.0  nm,  the  critical  stress  for  dislocation  emission  (and  thus  the  beginning  

of  partial  collapse  under  shock  compression)  from  the  helium  bubble  is  -𝜎<</L~4.75  GPa,  

which  is  more  than  four  times  the  initial  internal  pressure  generated  by  helium.    This  is  

addressed  in  the  following  section,  and  is  likely  due  to  the  increase  in  pressure  as  the  

helium  bubble  is  collapsed,  which  increases  the  resistance  to  further  deformation.  The  

presence  of  helium  bubbles  generates  a  back  pressure  which  opposes  deformation  and  

increases  the  stress  needed  to  generate  dislocations  in  comparison  to  empty  voids.   
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Figure  4-8:  a)  Local  shear  stresses  on  the  bubble  surface,  τsl,    due  to  the  effect  of  
external  shock  compression  (left)  and  internal  pressure,  τp  (middle);    combined  effect  on  
the  right  hand;    b)  Shock  stress  required  for  dislocation  emission  at  surface  as  a  function  
of  normalized  void  radius,  R/b,  for  vacuum  and  helium-filled  bubbles  (initial  pressures  
of  173.5  and  347  MPa);  continuous  dashed  lines  represent  analytical  predictions  and  
points  the  MD  simulations  while  open  points  represent  identical  measurements  from  MD  
made  for  a  sample  cut  into  a  cube  having  40.0.  nm  sides  centered  around  the  defect. 
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4.3.3.  Defect  temperature  &  pressure  effects 

As  the  shock  front  moves  through  the  material,  the  volume  of  the  defect  decreases,  

leading  to  an  increase  in  temperature  and  pressure  for  helium-filled  defects.  For  empty  

voids,  local  hot  spots  on  the  void  surface  are  manifested  instead.  The  initial  defect  size  

and  internal  pressure  each  factor  in  to  the  shock  behavior  since  the  generation  of  dislocations  

is  affected  by  both  parameters.  In  Figure  4-4,  helium-filled  defects  produced  the  most  

dislocations  in  comparison  to  voids  at  a  radius  of  2.0  nm  despite  helium-filled  defects  

requiring  a  higher  critical  stress  for  dislocation  emission.  Though  we  expect  the  void  to  

produce  more  dislocations  since  it  requires  less  stress  to  emit  dislocations,  illustrated  by  

Figure  8b,  the  void  is  rapidly  compressed  and  converted  to  a  localized  plastic  region,  

shown  in  Figures  4-3a-c.  The  void  collapses  so  rapidly  that  it  cannot  serve  as  a  source  

of  dislocations  long  enough  to  exceed  the  dislocation  production  of  the  helium  bubbles  of  

the  same  size.  Li,  et  al.  observed  a  similar  trend,  where  the  collapse  and  deformation  of  

both  voids  and  helium  bubbles  is  constrained  for  radii  less  than  2.0  nm  [235].  Aside  from  

this  exception,  voids  produce  the  most  dislocations  since  they  have  no  back  pressure  to  

resist  the  shock  front.   

The  total  plasticity  around  a  void  or  bubble  can  is  affected  by  the  temperature  rise  

associated  with  the  collapse  of  the  bubble.  Figure  4-9  illustrates  the  associated  local  

temperature  profile  for  the  voids/bubbles  with  an  initial  radius  of  9.0  nm  after  shock  

loading  for  an  internal  cross  section  of  the  material.  While  prior  discussion  focused  on  

smaller  voids  and  helium  bubbles,  the  case  of  defects  with  an  initial  radius  of  9.0  nm  

better  depicts  the  formation  of  hot  spots  as  the  material  undergoes  compression.  At  1  km/s,  
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none  of  the  larger  9  nm  defects  are  fully  collapsed,  though  a  highly  localized  hot  spot  is  

formed  around  the  empty  void.  At  this  particle  velocity  and  defect  size,  the  voids  are  able  

to  easily  produce  more  dislocations  since  the  stress  required  to  produce  dislocations  is  less  

for  voids  as  compared  to  helium  bubbles.  Adding  helium  prevents  the  complete  collapse  

of  the  helium  bubble  in  Cu-He-173;  as  the  material  is  compressed,  the  temperature  increase  

is  concentrated  throughout  the  helium  defect.  This  effect  is  pronounced  in  Cu-He-347;  

while  the  material  certainly  generates  a  hot  spot,  the  addition  of  helium  causes  the  local  

heat  to  be  more  dispersed  through  the  material.  Though  this  means  the  temperature  is  

slightly  lower  when  comparing  empty  voids  to  helium  bubbles,  the  temperature  increase  is  

spread  throughout  the  material  local  to  the  defects,  illustrated  in  Figure  4-9.   

Shock  compression  decreases  the  volume  of  voids  and  bubbles  in  all  cases;  for  Cu-

He-173.5  and  Cu-He-347,  this  generates  an  increase  in  the  temperature  and  pressure  within  

the  defect,  which  becomes  more  pronounced  as  the  shock  increases  in  strength.  Temperature  

and  pressure  of  the  helium  bubbles  are  calculated  directly  from  our  simulations  in  the  

subsequent  discussion.  Figure  4-10a  shows  temperature  of  the  helium  bubble  as  a  function  

of  particle  velocity  for  initial  defect  radii  of  2.0  and  9.0  nm  in  both  Cu-He-173.5  and  Cu-

He-347.  While  the  clear  increase  in  temperature  as  a  function  of  particle  velocity  is  not  

surprising,  it  is  interesting  to  note  that  smaller  defects  and  Cu-He-347  tend  to  be  closer  

in  temperature  while  Cu-He-173.5  with  an  initial  bubble  radius  of  9.0  nm  is  significantly  

hotter  than  the  other  cases.  The  internal  pressure  of  helium  bubbles,  which  remain  intact  

throughout  all  simulations  performed  in  this  study,  display  an  order  of  magnitude  increase  

as  a  function  of  particle  velocity,  shown  in  Figure  4-10b.  Taken  together,  the  increase  in  
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defect  temperature  and  pressure  combined  with  the  resistance  to  shear  loop  generation  by  

the  helium  bubbles  demonstrates  that  the  defect  resists  deformation  due  to  the  back  pressure  

within  the  bubble.   
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Figure  4-9:  Localized  temperature  of  void  having  a  radius  of  9.0  nm  under  shock  
compression  at  the  time  that  the  shock  front  has  reached  the  rear  surface.  While  hot  
spots  clearly  form  in  the  case  of  empty  voids,  the  distribution  of  the  kinetic  energy  is  
more  localized  within  the  helium-filled  voids.   
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Figure  4-10:  a)  The  temperature  of  each  helium  bubble,  all  of  which  remain  intact  during  
shock  compression  as  function  of  particle  velocity.  b)  The  internal  pressure  of  each  
helium  bubble  as  a  function  of  particle  velocity.  Note  that  empty  voids  collapse  fully  
during  shock  compression  so  their  temperature  and  pressure  is  indeterminate  from  the  
bulk  copper. 
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4.4  Conclusions 

Simulations  of  shock  compression  on  single  crystal  copper  with  pre-existing  voids,  

both  empty  and  helium-filled,  along  the  [111]  directions  were  performed  at  different  

stresses  in  order  to  better  understand  the  atomistic  scale  mechanisms  of  void  collapse  

during  shock  loading.  The  following  significant  conclusions  are  reached: 

• The  distribution  and  densities  of  dislocations  generated  are  quantified  from  MD  

simulations  for  different  void  sizes,  pressures,  and  void  radii  and  the  differences  

obtained  are  interpreted  in  terms  of  the  mechanisms  of  dislocation  emission.   

• The  mechanism  of  void  collapse  by  the  emission  of  dislocations  is  established  and  

is  found  to  be  similar  to  the  earlier  mechanism  postulated  by  Lubarda  et  al.[162]  

and  modeled  using  MD  by  Traiviratana  et  al.[222]  and  Tang  et  al.  [242]  for  void  

growth  in  FCC  metals.   

• The  emission  of  dislocation  proceeds  by  the  formation,  first,  of  a  leading  partial  

dislocation,  the  formation  of  a  stacking  fault,  and  the  emission  of  a  trailing  

dislocation.  The  dislocations  on  different  {111}  planes  react  and  form  sessile  

dislocations  and  a  complex  network  of  work  hardened  material.   

• As  the  particle  velocity  is  increased  to  2.0  and  2.5  km/s,  increasing  dislocation  

densities  and  eventually  locally  melted  regions  are  observed  due  to  the  formation  of  

hot  spots  adjacent  to  both  He-filled  and  empty  voids. 

• There  are  significant  differences  between  the  threshold  shock  stress  for  the  emission  

of  dislocations  and  associated  void  collapse  between  empty  and  helium-filled  voids,  

the  latter  resisting  collapse  more  effectively  than  the  former.   
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• The  threshold  stress  for  the  emission  of  dislocations  is  calculated  as  a  function  of  

void  radius  by  both  analytical  and  computational  means  and  a  clear  trend  of  

decreasing  stress  with  increasing  radius  is  observed.  Additionally,  the  critical  shock  

stress  for  emission  of  dislocations  around  helium  filled  bubbles  is  higher  than  that  

of  empty  voids. 
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Chapter 5 Effects  of  Heterogeneities  on  Ejecta  Production   

5.1  Ejecta  Formation  in  Helium-Implanted  Copper 

5.1.1.  Introduction  &  Significance 

When  a  planar  shock  wave  of  sufficient  strength  encounters  a  free  surface,  it  is  

reflected  and  eventually  generates  a  tensile  pulse.  In  this  process,  a  number  of  phenomena  

take  place.  The  best  known  is  spalling,  when  the  reflected  pulse  reaches  a  value  greater  

than  the  tensile  strength  of  the  material.  Another  less  known  phenomenon  is  the  ejection  

of  matter  from  the  free  surface,  producing  what  is  known  as  ejecta.  The  formation  of  

ejecta  was  explored  by  Asay  and  associates  in  the  1970s  [16],  [18],  [246]cand  is  a  special  

case  of  the  Richtmeyer-Meshkov  Instability  (RMI)  [29],  [247],  [248].  RMI  occurs  when  

the  shock  front  interacts  with  a  roughened  surface,  causing  the  peaks  and  valleys  of  the  

surface  to  invert  when  impacted,  forming  finger-like  jets  that  grow  and  may  eventually  

break-up  into  smaller  clusters  of  atoms.  Previous  work  reveals  that  the  mass  of  total  ejecta  

produced  is  proportional  to  the  surface  roughness  [17],  [18],  [247],  and  measurements  of  

particle  size  distributions  show  a  power-law  scaling,  in  agreement  with  percolation  theory  

[249]–[251].  Theoretical  and  experimental  studies  on  crystalline  metals  have  explored  the  

role  of  surface  roughness,  particle  velocity,  and  crystalline  phases  but  have  historically  

neglected  material  microstructure.  This  can  mostly  be  attributed  to  the  fact  that  total  ejected  

mass  significantly  increases  once  the  material  melts  while  a  negligible  mass  is  usually  

produced  in  the  solid  state.  Few  studies  mention  the  importance  of  heterogeneities  such  as  

voids  or  inclusions  to  ejecta  production,  but  even  those  that  do  mainly  focus  on  the  role  

of  surface  roughness  and  particle  velocity  [16],  [227],  [252],  [253].  As  materials  are  
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developed  for  use  in  extreme  environments,  where  heterogeneities  are  formed  through  

sustained  damage,  understanding  the  role  of  microstructure  in  dynamic  behavior  and  strength  

is  crucial. 

Damage  can  form  through  countless  processes  such  as  irradiation,  which  is  known  

to  produce  vacancies,  voids,  and  dislocations  which  lead  to  a  degradation  in  the  material  

properties  [229],  [254]–[256].  Helium  atoms  can  also  be  present  in  the  microstructure,  

mostly  through  radioactive  decay,  and  can  eventually  coalesce  into  bubbles  due  to  the  low  

solubility  of  helium  in  metals,  including  copper  [256],  [257].  The  presence  of  helium  in  

crystalline  materials  has  been  shown  to  cause  embrittlement  [255],  [258],  swelling  [147],  

[229],  [235]–[237],  [255],  and  hardening.  The  dynamic  behavior,  including  ejecta  production,  

of  helium-implanted  materials  has  become  of  great  interest  [147],  [236]–[238],  [251]  since  

it  has  been  shown  that  presence  of  helium  may  play  an  important  role  in  material  strength  

[238]. 

This  work  investigates  the  effect  of  helium  concentration  and  its  morphology  on  

ejecta  production  from  single  crystal  <111>  copper  using  molecular  dynamics  (MD)  

simulations.  This  simulation  technique  not  only  allowed  us  to  tailor  the  concentration  and  

morphology  of  the  helium  in  a  systematic  manner  but  also  provided  time-resolved  data  to  

understand  the  appropriate  mechanisms  underlying  ejecta  production.  It  is  important  to  note  

that  due  to  differences  in  both  length  and  time  scales  between  molecular  dynamics  and  

experiments,  it  is  inappropriate  to  quantitatively  compare  data  from  these  simulations  to  

experimental  observations;  rather,  the  trends  in  the  data  should  stay  consistent.  The  

simulations  described  in  this  work  provide  insight  into  if  and  why  heterogeneities  are  
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important  for  ejecta  production  but  not  for  absolute  quantitative  data.  Experiments  are  

currently  underway  to  validate  trends  observed  in  these  simulations. 
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5.1.2.  Methodology 

  Simulations  were  performed  using  a  splined  EAM  potential  from  Kashinath,  et  al.  

[[195]]  to  model  interactions  between  all  atoms,  which  was  implemented  into  the  Scalable  

Parallel  Short-range  Molecular  dynamics  (SPaSM)  code  [187].  Results  were  analyzed  using  

Ovito  [199].  To  solely  focus  on  the  effects  of  helium  concentration  and  morphology,  a  

simulation  cell  of  single  crystal  copper  oriented  such  that  the  [112O],  [11O0],  and  [111]  

crystallographic  directions  align  along  the  x,  y,  and  z  axes  respectively.  All  simulation  

cells  had  dimensions  of  60  x  60  x  300  units  lattice  (1  unit  lattice  is  0.3615  nm),  totaling  

6.4  million  atoms,  and  all  surfaces  were  flat.  This  configuration  allowed  us  to  separate  the  

effect  of  helium  from  machined  perturbations  on  ejecta  production.  To  alter  the  concentration  

and  morphology  of  the  He  bubbles,  four  configurations  of  monocrystalline  copper  were  

investigated:  1)  no  added  helium,  2)  1.5  vol%  interstitial  helium,  3)  1.5  vol%  helium  

bubbles,  and  4)  1.5  vol%  voids.  Helium  defects  can  reach  up  to  8%  concentration  in  

metals  [259]  but  defect  concentrations  of  5%  or  greater  have  been  shown  to  alter  the  

equation  of  state  measurably  [208],  so  the  He  concentration  is  limited  to  1.5%  atomic  

concentration.  For  cases  2-4,  the  defects  were  randomly  implanted  within  a  region  33  nm  

from  the  free  surface.  The  ratio  of  the  region  containing  defects  to  the  region  containing  

pure  Cu  is  proportional  to  helium-implanted  metals  studied  experimentally  (<10  %)  [259].  

For  helium  bubbles  and  voids,  a  random  seed  was  used  to  achieve  an  average  radius  of  

1  nm.  Additionally,  to  control  the  pressure  within  the  bubbles,  a  1-1  Cu-He  substitution  

was  performed.    Examples  of  the  initial  configurations  are  shown  in  Figure  5-1. 
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Figure  5-1:  Initial  configuration  of  piston  shock  simulations.  (a)  Perfect  FCC  single  
crystal  copper  and  (b)  FCC  single  crystal  implanted  with  helium  bubbles  are  piston-
shocked  along  the  [111]  direction.  The  helium  bubbles  are  randomly  distributed  throughout  
the  end  of  the  sample  with  an  average  radius  of  1  nm  with  1  helium  atom  per  copper  
vacancy. 

 

Each  simulation  was  equilibrated  with  a  Nosé-Hoover  isobaric-isothermal  ensemble  

(NPT)  at  0  pressure  and  300  K  for  50  ps.  The  system  was  then  shocked  along  the  <111>  

direction  using  a  momentum  mirror  [241]  at  a  specified  particle  velocity.  This  orientation  

was  selected  for  comparison  to  previously  existing  simulation  data  for  pure,  flat  copper  

[251].  The  particle  velocity  ranged  from  2.0  to  4.5  km/s.  The  simulation  cell  is  periodic  

in  the  x  and  y  dimensions  and  a  large  vacuum  region  is  added  along  the  shock  direction  

to  allow  for  transport  of  ejecta  atoms.    A  virtual  boundary  is  placed  downstream  of  the  

free  surface  at  a  distance  equal  to  the  initial  length  of  the  simulation  cell  in  the  shock  
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direction.  All  copper  atoms  that  cross  this  boundary  are  counted  as  ejecta.  The  number  of  

copper  atoms  passing  through  the  boundary  linearly  increases  in  time  until  the  free  surface  

reaches  the  boundary,  at  which  point  the  static  boundary  technique  is  no  longer  appropriate  

for  evaluating  ejected  quantities.  The  number  of  ejected  atoms  is  converted  to  ejected  mass  

using  the  molar  mass  of  copper;  the  areal  density  is  the  quotient  of  the  ejected  mass  and  

the  cross-sectional  area  of  the  simulation  perpendicular  to  the  shock  direction.  Only  copper  

atoms  are  counted  as  ejected  mass  since  diagnostics  such  as  lithium  niobite  pins  used  to  

measure  mass  in  RMI  experiments  are  unable  to  measure  helium  due  to  its  low  atomic  

mass.  Cluster  analysis  was  performed  using  OVITO  [199]  with  a  cutoff  of  0.2825  nm.   

5.1.3.  Ejecta  Production  from  a  Flat  Surface 

Figure  5-  2a  shows  the  total  ejected  mass  as  a  function  of  particle  velocity.  Resulting  

areal  density  for  pure  copper  in  this  work  agrees  with  previous  results  of  Germann,  et  al.  

[251],  where  the  sharp  rise  in  total  ejected  mass  is  linked  to  shock  melting  of  copper.  

However,  increasing  the  concentration  of  atomic  helium  located  within  the  Cu  lattice  from  

0  to  1.5  vol%  triples  the  ejecta  production  when  the  material  is  still  in  solid  state.  This  

solid  ejected  mass  is  altered  further  as  a  function  of  morphology  while  the  concentration  

is  held  constant.  Specifically,  addition  of  1.5  vol%  helium  bubbles  increases  the  total  

ejected  mass  by  2  orders  of  magnitude  in  comparison  to  pure  copper.  This  was  surprising  

because  it  is  well  accepted  from  previous  results  that  negligible  ejecta  mass  is  produced  

when  a  material  is  in  solid  state.  The  observed  increase  in  total  ejected  mass  as  a  function  

of  helium  concentration  also  occurs  upon  shock  melting  of  copper.  The  origin  for  significant  
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changes  in  ejected  mass  seen  in  this  study  are  attributed  to  either  an  alteration  of  the  

equation  of  state  or  of  the  morphology  of  the  shock  front.   

To  investigate  the  equation  of  state  as  a  function  of    helium  concentration  and  

morphology,  additional  simulations  with  the  Hugoniostat  method  [260]  in  LAMMPS  [186]  

were  performed  using  the  same  Cu-He  interatomic  potential.  The  Hugoniostat  method  is  

an  equilibrium  molecular  dynamics  formulation  which  manipulates  heat  flow  and  uniaxial  

strain  rate  to  compress  a  material  along  the  specified  shock  direction,  satisfying  conservation  

of  mass,  momentum,  and  energy  throughout  the  system.  This  method  allows  for  a  

computationally  efficient  calculation  of  a  material’s  equation  of  state  during  shock.  

Simulations  performed  in  this  study  used  a  cell  of  40  x  23  x  32  units  lattice  consisting  

of  703,991  atoms.  To  isolate  the  effect  of  concentration  from  morphology,  three  types  of  

single  crystal  copper  were  modeled:  1)  pure  copper,  2)  copper  seeded  with  1%  volume  of  

helium  in  substitutional  sites,  3)  and  copper  implanted  with  1.5%  bubbles,  with  an  average  

radius  of  1  nm.  All  defects  were  randomly  dispersed  throughout  the  material,  not  just  on  

the  surface.  The  results  from  these  calculations  show  that  there  is  less  than  a  7.8%  decrease  

change  in  the  shock  melting  point  for  copper  implanted  with  helium  bubbles  and  5.6%  

decrease  in  that  of  copper  implanted  with  atomic  helium  as  compared  to  pure  copper,  

shown  in  Figure  5-2b.  These  results  are  consistent  with  other  studies,  which  show  that  a  

large  percentage  of  defects  (5%  or  more)  are  needed  to  alter  the  equation  of  state  of  a  

material  in  a  measurable  manner  [208].   
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Figure  5-2:  (a)  Areal  mass  density  of  ejecta  from  Cu  simulations  performed  at  an  initial  
temperature  of  300  K  along  the  <111>  direction.  The  pure  Cu  case  is  in  agreement  with  
the  pure  Cu  case  from  Germann,  et  al.    while  the  helium  and  void  implanted  cases  
show  an  increase  in  ejecta.  (b)  The  relationship  between  shock  pressure  and  temperature  
in  comparison  to  the  pure  Cu  PT  curve  reveals  that  low  concentrations  of  helium  
decrease  the  shock  melt  by  8%  or  less. 

 
5.1.4.  Analysis  of  Ejecta  Clusters,  Size,  and  Velocity 

Since  ejecta  production  is  traditionally  associated  with  the  RMI  phenomenon,  

occurring  when  a  shock  front  interacts  with  a  roughened  surface,  it  was  also  hypothesized  

that  in  the  case  of  copper  with  a  flat  surface,  heterogeneities  can  act  as  sources  that  can  

cause  the  shock  front  to  become  non-planar,  thus  leading  to  an  increase  in  ejected  mass.  

This  would  be  akin  to  having  the  machine  “perturbations”  underneath  the  free  surface  

rather  than  on  the  free  surface.  Hence,  even  with  a  flat  surface,  some  ejected  mass  

production  is  expected.  To  test  the  validity  of  this  hypothesis  as  the  cause  for  our  

observations  of  increased  ejected  mass  as  a  function  of  He  concentration  and  morphology,  
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additional  analysis  on  the  simulations  at  a  particle  velocity  of  4.5  km/s,  where  copper  is  

melted.     

While  pure  copper  and  copper  with  atomic  helium  produced  a  small  amount  of  

mainly  atomic  ejecta,  copper  with  helium  bubbles  produced  “finger-like”  ejecta  whose  

morphology  appeared  to  be  characteristic  of  RMI-induced  ejecta  despite  the  initial  free  

surface  being  flat.  This  seems  to  be  consistent  with  the  development  of  a  non-planar  shock  

front  due  to  the  presence  of  helium  bubbles.  To  further  understand  the  importance  of  

helium  bubbles,  simulations  using  empty  voids  rather  than  helium  bubbles  were  performed.  

Ejecta  production  from  copper  with  voids  not  only  produced  the  highest  total  mass  but  

also  led  to  the  formation  of  a  chaotic  “finger”  like  ejecta  formation  qualitatively  similar  

to  copper  with  helium  bubbles.  The  formation  of  ejecta  in  this  work  is  related  to  the  fact  

that  the  helium  bubbles,  due  to  differences  in  shock  impedance  as  compared  to  the  rest  

of  the  material,  alter  the  shock  velocity  in  their  local  vicinity.  This  causes  a  non-planarity  

to  develop  in  the  shock  front  because  of  changes  in  the  shock  velocity  in  the  neighborhood  

of  the  helium  bubbles.  These  “ripples”  in  the  shock  front  reach  the  free  surface  and  create  

an  effect  similar  to  the  material  having  a  rough  surface.  This  is  highlighted  in  the  attached  

figure  where  variations  in  the  position  of  the  atoms  are  shown  due  to  the  non-planar  

morphology  of  the  shock  front.  In  addition  to  this  variability,  the  shock  wave  compresses  

the  bubbles,  causing  internal  jetting  similar  to  a  shape-charge  like  phenomenon  [235].  These  

internal  jets  further  contribute  to  ejected  mass  from  the  surface.  The  formation  of  small  

jets  suggests  that  the  presence  of  any  heterogeneity  with  a  lower/higher  density,  compared  
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to  the  parent  metal  matrix,  leads  to  the  creation  of  a  non-planarity  in  the  shock  front  

whose  magnitude  is  proportional  to  the  difference  in  density  and  size  of  the  heterogeneity.   

The  effect  of  this  density  difference  on  the  morphology  of  the  shock  front  in  all  

four  cases  is  shown  in  Figure  5-3a.  The  differences  in  velocities  of  the  shock  front,  

especially  due  t  helium  bubbles  and  voids,  indeed  show  the  formation  of  larger  non-

planarities  in  the  shock  front  as  compared  to  the  copper  with  atomic  helium.    The  local  

increase  in  velocity  due  to  bubbles  and  voids  is  associated  with  the  collapse  of  these  

heterogeneities  which  not  only  contributes  pressure-volume  work  in  the  form  of  an  increase  

in  kinetic  energy  to  the  system  but  also  forms  internal  jets  similar  to  shaped  charges,  as  

observed  in  Figure  5-3a.  This  internal  jetting  of  material  alters  the  morphology  of  ejecta  

produced  from  the  surface  of  copper,  shown  in  Figure  5-3b.  This  is  also  quantitatively  

observed  in  the  cluster  size  analysis  shown  in  Figure  5-4. 

The  copper  with  helium  bubbles  shows  an  order-of-magnitude  increase  in  ejecta  

cluster  sizes  compared  to  pure  copper;  the  largest  cluster  has  500  atoms  in  comparison  

with  10  atoms.  This  is  consistent  with  the  qualitative  results  shown  in  Figure  5-3b.  

Additionally,  the  velocity  of  the  larger  clusters  tends  towards  the  free  surface  velocity  of  

the  material,  although  the  free  surface  velocity  measured  in  pure  copper  (9.825  km/s)  is  

noticeably  lower  than  in  copper  with  helium  bubbles  (10.38  km/s)  despite  having  the  same  

initial  particle  velocity.  This  is  due  to  the  collapse  of  bubbles,  which  does  plastic  work  

and  imparts  extra  energy  to  the  free  surface  atoms.  This  difference  in  cluster  size  and  

velocity  has  implications  to  the  long-term  evolution  of  ejecta,  a  topic  that  is  not  discussed  

in  the  present  study. 
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Figure  5-3:  (a)  At  a  particle  of  4.5  km/s,  the  nonplanar  shock  front  interacts  with  the  
free  surface,  leading  to  immediate  jetting  on  the  order  of  several  nanometers  and  increased  
velocity  due  to  the  added  kinetic  energy  from  bubble  collapse.  (b)  10  ps  later,  the  ejecta  
for  the  pure  and  atomic  helium  cases  is  quite  small  while  the  bubble  and  voids  cases  
develop  large  clusters  and  finger-like  jets,  which  are  characteristic  of  traditional  RMI  
studies. 
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Figure  5-4:  Distribution  of  ejecta  particle  sizes  for  <111>  Cu  crystals  shocked  with  up  
=  4.5  km/s.  (a)  Cu  implanted  with  interstitial  He  produces  slightly  more  ejecta  than  for  
the  pure  Cu  case,  although  the  cluster  sizes  are  similar.  (b)  Single  crystal  Cu  with  voids  
at  the  surface  produces  more  ejecta  than  Cu  implanted  with  He  bubbles,  but  the  bubbles  
produce  the  largest  clusters. 
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5.1.5.  Conclusion 

To  further  highlight  the  differences  in  ejecta  production,  the  total  ejecta  is  subdivided  

into  two  specific  categories:  monoatomic  and  multi-atomic.  Our  results  show  that  

monoatomic  ejecta  in  pure  copper  has  an  average  velocity  of  10.6  +/-  0.89  km/s  while  

monoatomic  ejecta  in  copper  with  helium  bubbles  have  an  average  velocity  of  11.2  +/-  

1.22  km/s.  While  the  standard  deviations  of  these  cases  intersect,  the  increased  mean  and  

spread  of  the  velocities  in  the  latter  case  supports  the  idea  that  the  kinetic  energy  of  these  

surface  atoms  increases  as  a  result  of  pressure-volume  work  done  by  bubble  collapse  during  

shock.  Further  analysis  of  the  number  and  size  of  ejecta  clusters,  shown  in  Figure  5-4,  

highlights  the  difference  in  cluster  sizes  and  their  number  as  a  function  of  helium  

concentration  and  morphology.  The  configuration  of  helium  bubbles  has  a  larger  impact  

on  the  size  of  clusters  generated  as  mentioned  above.  Using  a  power  law  fit,  percolation  

theory  is  used  to  understand  the  difference  in  this  behavior.  Percolation  theory  explains  

the  tendency  of  objects  to  cluster  with  a  power  law  fit  whose  exponent  indicates  the  

dimensionality  or  other  physical  mechanisms  of  clustering.  In  the  present  work,  the  

difference  in  exponents  of  the  power  law  as  a  function  of  helium  morphology  from  2.4  

to  3.4  (as  shown  in  Figures  5-4a  and  5-4b)  again  suggests  that  the  addition  of  helium  

alters  the  mechanisms  involved  in  ejecta  production.  These  results  agree  with  results  of  

Werdiger,  et  al.,  who  also  suggest  that  different  mechanisms  of  ejecta  production  are  

related  to  different  ejecta  morphology.  For  example,  hydrodynamic  instabilities  are  related  

to  the  jet-like  structure  in  Sn  ejecta  while  microspalling  contributes  to  the  cloud-like  ejecta  

observed  in  Al  [250].  In  conclusion,  our  work  shows  a  profound  effect  of  heterogeneities  
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on  ejecta  production  and  is  a  step  in  the  right  direction  to  eventually  understand  and  

accurately  predict  ejected  masses.         

5.2  Quantifying  the  Impact  of  Defect  Morphology  on  Ejecta  Production 

5.2.1.  Introduction  &  Significance 

The  formation  of  ejecta  is  a  special  case  of  the  Richtmeyer-Meshkov  instability  

(RMI),  occurring  when  a  shock  wave  interacts  with  a  non-flat  free  surface  of  a  material  

generated  by,  for  example,  machining.  In  general,  to  study  ejecta  formation  as  a  function  

of  this  machine  finish,  perturbations  of  varying  amplitude  and  wavelength  are  machined  

onto  the  surface  of  the  materials.  These  perturbations  invert  and  grow  into  finger-like  jets  

when  a  shock  front  reaches  the  free  surface  [247],  [248],  [261].  The  total  amount  of  

ejected  mass  has  been  linked  to  the  volume  of  surface  defects,  shape  of  the  shock  wave,  

and  the  state  of  the  material  on  release  (solid  or  liquid).  Androit  et  al.[252]  studied  the  

effect  of  surface  finish  on  tantalum  (Ta)  and  tin  (Sn)  and  showed  that  the  presence  of  

grooves  on  the  surfaces  led  to  higher  ejected  mass  in  comparison  to  polished  surfaces.  

The  specific  roughness  of  the  machined  grooves  had  the  most  effect  on  total  ejected  mass,  

even  for  materials  like  Sn.  More  recent  work  by  Zellner  et  al  [262]  studied  the  effect  of  

surfaces  prepared  with  different  processes  and  final  finishes  for  aluminum  1100  and  Sn,  

showing  a  similar  sensitivity  of  total  ejected  mass  and  density  distribution  of  ejected  

fragments  to  final  finish.  This  has  also  been  confirmed  by  numerous  molecular  dynamics  

(MD)  simulations  suggesting  that  roughness  is  the  determining  factor  in  ejecta  production  

[251].  All  studies  consistently  agree  that  for  a  given  surface  finish,  the  maximum  amount  

of  ejecta  is  produced  when  the  material  is  in  liquid  rather  than  solid  state.  Work  by  Asay  
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et  al.  [263]  showed  that  Pb,  which  melts  at  a  lower  stress,  produced  a  significantly  higher  

amount  of  ejected  mass  as  compared  to  Al.     

 While  most  of  these  studies  were  performed  in  single  phase  materials  with  no  

heterogeneities,  there  are  studies  that  showed  an  effect  of  heterogeneities  such  as  voids  

and  inclusions  on  total  ejecta  produced  in  the  solid  phase  of  a  material  [249],  [252],  [253],  

[263].  Specifically,  Androit  et.  al  [252]  investigated  the  effect  of  density  inhomogeneities  

by  using  SnPb  with  14  wt%  and  38  wt  %Pb  and  showed  that,  under  the  same  peak  

pressure,  the  amount  of  ejected  mass  significantly  increased  as  wt%  Pb  increased.  This  

difference  was  attributed  to  the  impedance  mismatch  between  pure  Sn  and  SnPb  eutectic  

especially  because  the  microstructure  of  the  SnPb  alloy  consisted  of  pure  Sn  grains  included  

in  a  eutectic  SnPb  matrix  of  higher  density  [252].  This  work  was  also  extended  to  two  

CuPb  alloys  with  15  wt%  and  36  wt%  Pb.  Again,  an  increase  in  ejected  mass  was  

observed  in  comparison  to  pure  copper  but  was  attributed  to  melting  of  Pb  during  the  

release  stage  [252].    In  agreement  with  these  previous  studies,  work  by  Buttler  et.  al  [264]  

also  investigated  the  effect  of  addition  of  1-2  wt  %  lead  to  copper  on  ejecta  production.  

These  results  showed  that  addition  of  small  amounts  of  lead  caused  a  background  ejected  

mass  to  form  in  CuPb  [264].  A  recent  study  by  Flanagan  et  al.  [164]  further  showed  that  

heterogeneities  in  the  form  of  helium  bubbles  can  significantly  increase  the  production  of  

ejecta  from  solid  phase  of  materials.  Specifically,  Cu  embedded  with  helium  bubbles  near  

the  free  surface  produced  over  twice  the  amount  of  ejecta  than  pure  copper  and  56%  more  

ejecta  than  copper  embedded  with  atomic  helium  [164].  Initially,  the  increase  in  ejecta  

production  was  attributed  to  a  decrease  in  the  dynamic  melting  point  of  copper  under  

shock  loading,  but  this  was  not  confirmed  [164],  [265].  Instead,  it  was  suggested  that  the  
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increase  in  ejecta  was  caused  by  the  formation  of  non-planarities  in  the  shock  front  due  

to  its  interaction  with  heterogeneities,  inducing  internal  instability  formation  similar  to  RMI  

phenomenon  within  the  material  [164].  This  suggested  that  altering  the  bubble  size  and  

concentration  should  alter  the  total  ejecta  production.   

 Hence,  the  goal  of  this  work  is  to  determine  the  critical  helium  bubble  size  and  

concentration  required  to  alter  solid  ejecta  production  via  molecular  dynamics  simulations.  

By  systematically  varying  the  concentration  and  bubble  size  individually,  the  nature  of  the  

non-planarities  generated  in  the  shock  front  can  be  better  understood.  Until  experiments  

are  fully  capable  of  validating  such  trends,  the  simulations  performed  here  provide  novel  

insights  as  to  why  heterogeneities  affect  ejecta  production,  allowing  for  an  improved  

understanding  of  how  heterogeneity  size  and  shape  change  ejecta  production.   

5.2.2.  Methodology 

The  role  of  helium  bubble  concentration  and  size  on  ejecta  production  in  single  

crystal  <111>  copper  was  investigated  using  molecular  dynamics  simulations.  MD  allows  

for  a  systematic  study  with  control  over  the  size  and  concentration  of  the  helium  bubbles  

while  also  providing  time-resolved  data  to  elucidate  the  underlying  mechanisms  behind  

ejecta  production.  This  study  was  performed  using  the  Scalable  Parallel  Short-range  

Molecular  dynamics  (SPaSM)  code  [266]  and  a  splined  EAM  potential  to  model  interactions  

between  atoms  [267];  OVITO  was  used  for  analysis  and  visualization  [268].  Single  crystal  

copper  was  oriented  with  the  [112O],  [11O0],  and  [111]  crystallographic  directions  aligned  

with  the  x,  y,  and  z  axes,  respectively.  The  cell  dimensions  were  60  x  60  x  300  units  

lattice  (1  unit  lattice  is  0.3615  nm)  for  a  total  of  6.4  million  atoms.  All  simulation  cells  

had  flat  free  surfaces  to  focus  on  the  role  of  helium  defects  rather  than  surface  roughness. 
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 Two  parameters  were  changed  in  this  study:  average  helium  bubble  size  and  average  

atomic  helium  concentration.  At  a  given  He  concentration,  the  average  bubble  radius  was  

normally  distributed,  using  an  average  radius  size  of  1  nm  (where  the  smallest  bubble  

radius  was  0.5  nm  and  the  largest  was  2.1  nm)  and  an  average  radius  size  of  3  nm  

(smallest  bubble  radius  was  1.9  nm  and  largest  was  4.5  nm).  Conversely,  for  each  given  

average  bubble  size,  the  total  atomic  helium  concentration  was  changed  from  1000  to  

25000  appm.  Varying  the  concentration  paired  with  the  bubble  radius  generates  a  field  of  

bubbles  whose  quantity  is  optimized  via  SPaSM  to  meet  the  specified  atomic  concentration  

and  radius  for  each  simulation.  It  is  important  to  note  that  the  vacancy  to  He  ratio  is  set  

to  1:1  (controlling  the  internal  pressure)  along  with  the  average  size  of  the  bubbles.  Hence,  

increasing  the  He  concentration  essentially  increased  the  number  of  He  bubbles  in  the  cells  

as  shown  in  Figure  5-5.  For  example,  for  r  =  1  nm,  when  the  concentration  of  He  was  

increased  from  12,500  to  25,000  appm,  the  number  of  He  bubbles  increased  from  18  to  

35.  The  helium  bubbles  were  continuously  dispersed  from  1  nm  below  the  free-surface  up  

to  a  depth  of  33  nm,  which  is  consistent  with  the  depth  of  helium  bubbles  in  experimental  

studies  [269].   

 After  the  material  was  created,  a  Nosé-Hoover  isobaric-isothermal  ensemble  (NPT)  

at  pressure  equal  to  zero  and  300  K  was  used  to  equilibrate  the  system  for  50  ps.  Then,  

using  a  momentum  mirror  [260]  at  particle  velocities  ranging  from  2.0  to  4.5  km/s,  the  

system  was  shocked  along  the  <111>  direction  (z-axis).  A  vacuum  region  was  added  along  

the  shock  direction  to  observe  ejecta  production  while  the  simulation  cell  was  periodic  in  

the  x  and  y  directions.  A  boundary  was  placed  at  a  distance  equal  to  the  length  of  the  

initial  simulation  cell  along  the  shock  direction  at  which  all  copper  atoms  were  counted  
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as  ejecta  as  they  pass  through.  The  amount  of  copper  ejecta  counted  at  this  boundary  over  

time  increased  linearly,  until  the  free  surface  passed  through,  at  which  point  the  simulations  

were  considered  to  be  finished.  In  order  to  accurately  compare  these  results  with  the  

experimental  work,  only  copper  atoms  were  counted  since  helium  atoms  are  too  small  for  

current  experimental  diagnostics  to  count.  OVITO  was  used  to  identify  clusters  using  a  

cutoff  radius  of  0.2825  nm  [199].  The  areal  density  of  ejecta  was  calculated  by  first  

converting  the  number  of  ejected  atoms  to  ejected  mass  via  the  molar  mass  of  copper  and  

dividing  by  the  cross-sectional  area  normal  to  the  shock  direction  then  taking  the  quotient  

of  this  quantity  with  the  cross-sectional  area  normal  to  the  shock  direction.   
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Figure  5-5.  Shock  simulation  initial  configuration.  (a)  Perfect  FCC  single  crystal  copper.  
Defects  were  configured  into  the  30.0  nm  space  near  the  free  surface  as  illustrated.  (b)  
Free  surface  and  defects  of  FCC  single  crystal  implanted  with  helium  bubbles  with  an  
average  radius  of  1  nm  and  a  concentration  of  12,500  appm  He.  (c)  Free  surface  and  
defects  of  FCC  single  crystal  implanted  with  helium  bubbles  with  an  average  radius  of  
1  nm  and  a  concentration  of  25,000  appm  He;  notice  increase  in  the  number  of  bubbles  
in  comparison  with  (b).  (d)  Free  surface  and  defects  of  FCC  single  crystal  implanted  
with  helium  bubbles  with  an  average  radius  of  3  nm  and  a  concentration  of  12,500  
appm  He.  (e)  Free  surface  and  defects  of  FCC  single  crystal  implanted  with  helium  
bubbles  with  an  average  radius  of  3  nm  and  a  concentration  of  12,500  appm  He.  Helium  
was  implanted  with  a  concentration  of  one  helium  per  copper  vacancy  and  samples  were  
shocked  along  the  [111]  crystallographic  direction.   

 

 

 
 

 



 149 
 
 
 

5.2.3.  Variation  in  Ejecta  Formation  Compared  to  Morphology 

Figure  2  shows  the  total  ejected  mass  as  a  function  helium  bubble  size  at  varying  

particle  velocities  while  the  total  helium  bubble  concentration  is  held  at  25,000  appm  and  

the  average  bubble  size  is  altered.  For  pure  copper  and  copper  implanted  with  interstitial  

atomic  helium,  negligible  ejected  mass  is  observed  below  a  particle  velocity  of  3  km/s.  

However,  above  this  velocity,  copper  is  melted  via  shock  loading  and  a  sharp  rise  in  

ejecta  production  is  observed.  In  contrast,  a  steady  increase  in  ejected  mass  is  observed  in  

copper  implanted  with  He  bubbles  of  1  and  3  nm  average  size  radius.  This  is  interesting  

because  in  contrast  to  the  pure  copper  or  copper  with  atomic  helium,  significant  ejected  

mass  is  observed  to  be  produced  from  copper  implanted  with  helium  bubbles  below  the  

particle  velocity  of  3  km/s,  where  copper  remains  a  solid  under  shock  loading.  Our  previous  

work  demonstrated  that  this  increase  in  mass  could  not  be  attributed  to  an  early  onset  of  

the  bulk  melting  under  shock  loading  [164]  but  was  due  to  formation  of  non-planarity  in  

the  shock  wave  itself.  This  previous  hypothesis  is  supported  by  our  current  results  showing  

that  in  the  solid  state,  at  2.5  km/s,  the  addition  of  helium  bubbles  with  an  average  radius  

of  3  nm  results  in  a  20%  increase  in  total  ejected  mass  in  comparison  to  copper  seeded  

with  helium  bubbles  with  an  average  radius  of  1  nm.  At  4.5  km/s,  where  bulk  shock  

melting  is  clearly  observed,  the  ejecta  production  from  copper  seeded  with  helium  bubbles  

with  an  average  radius  of  3  nm  is  increased  by  more  than  25%  compared  to  the  case  of  

helium  bubbles  averaging  a  radius  of  1  nm.    This  increase  in  mass  can  be  attributed  to  

enhanced  non-planarity  in  the  shock  front  with  increasing  bubble  radius  due  to  interaction  

with  these  heterogeneities;  increasing  the  bubble  size  essentially  increases  the  amplitude  

and  wavelength  of  the  non-planarity  in  the  shock  wave,  and  increase  in  this  non-planarity   
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Figure  5-6:    Ejected  mass,  as  a  function  of  piston  velocity  for  pure  copper,  copper  with  
interstitial  helium,  copper  with  helium  bubbles  averaging  1.0  nm  radius,  and  copper  with  
helium  bubbles  averaging  3  nm  radius.  Note  that  the  concentration  of  all  helium  defects  
is  1.5%vol  or  ~25,000  appm. 
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has  been  linked  with  an  increased  ejecta  production  [262].  It  is  important  to  note  that  the  

non-planarity  in  the  shock  wave  can  be  either  due  to  the  surface  finish  or  presence  of  

heterogeneities  as  shown  by  our  previous  study.  Hence,  an  increase  in  the  ejected  mass  

due  to  the  change  in  bubble  size  at  the  same  helium  concentration  provides  support  for  

our  previous  hypothesis.   

In  contrast,  experiments  have  not  shown  a  change  in  ejecta  production  between  pure  

Cu  and  He-implanted  Cu  [270]  or  Sn  and  He-implanted  Sn  [271],  but  the  samples  in  these  

experimental  studies  only  contained  4000  and  8000  appm  of  helium  as  opposed  to  25,000  

appm  He  in  the  MD  study.  This  lack  of  change  in  measured  ejected  mass  in  experiments  

leads  us  to  determine  that  there  must  be  a  critical  helium  concentration  that  causes  a  

measurable  increase  in  ejected  mass.  Additional  MD  simulations  were  performed  with  the  

same  average  bubble  radius  but  varying  helium  concentration.  Figure  3  shows  the  ejected  

mass  as  a  function  of  helium  concentration  corresponding  to  interstitial  atomic  helium,  1  

nm  helium  bubbles  and  3  nm  helium  bubbles  when  copper  is  in  solid  state  and  melted  

under  shock.  In  comparison  to  both  cases  of  helium  bubbles,  increasing  the  concentration  

of  the  interstitial  helium  does  not  alter  the  ejected  mass  significantly  at  particle  velocities  

of  2.5  km/s  (solid  state  ejecta  production)  and  4.5  km/s  (liquid  state  ejecta  production).  At  

helium  concentrations  of  2500  appm,  helium  bubbles  of  either  size  show  a  small  increase  

in  ejected  mass  at  2.5  km/s.  As  the  concentration  of  the  helium  is  increased,  a  steady  

increase  in  ejected  mass  is  observed  in  copper  with  helium  bubbles  regardless  of  their  

size.  However,  3  nm  helium  bubbles  consistently  generate  more  ejecta  than  1  nm  helium  

bubbles.  For  the  3  nm  bubbles,  as  the  helium  concentration  is  increased  from  0  to  25000  

appm,  at  particle  velocity  of  2.5  km/s  the  change  in  ejected  mass  is  8,  12,  15  and  21%.  
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In  contrast  when  the  bubble  size  is  1  nm,  at  a  particle  velocity  of  2.5  km/s  the  change  

in  ejected  mass  is  6,  10,  13  and  19%.  Although  MD  simulations  measure  an  increase  in  

ejecta  at  4000  appm,  experiments  on  copper  and   

 

 
Figure  5-7:  Ejected  mass  as  a  function  of  concentration  for.  copper  with  interstitial  
helium,  copper  with  helium  bubbles  averaging  1.0  nm  radius,  and  copper  with  helium  
bubbles  averaging  3  nm  radius.  Solid  and  filled  data  is  for  a  piston  velocity  of  4.5  km/s  
while  dashed  and  hollow  data  is  for  a  piston  velocity  of  2.5  km/s. 
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copper  implanted  with  helium  did  not  observe  an  notable  increase  due  to  challenges  with  

using  lithium  niobate  (LN)  pins  to  measure  ejected  mass  [270].  However,  in  the  case  of  

the  copper-helium  experiment,  ejecta  was  generated  sooner  and  for  a  longer  time  period,  

implying  that  higher  amounts  of  ejecta  were  being  produced  in  the  copper  with  4000  

appm.    The  current  simulations  support  that,  at  4000  appm,  regardless  of  the  bubble  size,  

only  a  3%  increase  in  ejected  mass  should  be  observed,  a  change  that  is  difficult  to  

measure  with  conventional  diagnostics  such  as  LN  pins  and  Asay  foils.  Hence,  to  measure  

changes  in  solid  ejecta,  the  samples  probably  need  to  be  implanted  with  10000  appm  of  

helium  or  more.   

As  the  particle  velocity  is  increased  to  4.5  km/s,  for  the  bubble  size  of  3  nm,  the  

ejected  masses  as  compared  to  pure  copper,  increases  by  12,  15,  40,  44,  57  and  70%  as  

the  helium  concentration  is  increased  from  0  to  25000  appm.  When  the  bubble  size  is  1  

nm,  the  increase  in  ejected  mass  is  lower.  Specifically,  these  increases  are  0,  12,  28,  35,  

53  and  64%  as  the  concentration  is  increased.  These  changes  in  a  melted  material  (copper  

or  another  metal)  are  sufficiently  significant  to  be  measurable  with  conventional  diagnostics.  

Ejecta  experiments  performed  on  Sn  and  Sn-He  implanted  with  up  to  4000  appm  at  pRad  

[271],  where  the  ejected  mass  was  measured  using  radiography,  did  not  show  any  

measurable  difference  in  total  ejected  mass,  but  in  the  case  of  Sn  the  morphology  of  the  

bubbles  was  not  characterized.  If  most  of  the  helium  was  in  atomic  form  in  those  

experiments,  there  would  have  been  no  experimentally  measurable  difference  in  ejecta  

production.    In  the  case  of  liquid  metal,  if  the  bubble  sizes  were  between  1  and  3  nm,  

at  10,000  appm,  a  13-14%  increase  in  ejected  mass  as  compared  to  pristine  metal  would  

be  observed.  Experiments  in  these  regimes  need  to  be  performed  to  verify  this  hypothesis.   
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 While  an  increase  in  ejecta  with  bubble  size  and  concentration  is  observed,  further  

analysis  is  performed  to  understand  the  mechanisms  behind  these  differences.    Figure  5-8  

illustrates  the  x-t  diagrams  highlighting  the  spatiotemporal  changes  in  the  stress  along  the  

shock  direction  as  the  shock  wave  moves  through  the  material  and  interacts  with  

heterogeneities.  Figures  5-8a-4e  were  generated  for  a  particle  velocity  of  2.5  km/s  while  

Figures  5-8f-j  were  created  using  a  particle  velocity  of  4.5  km/s.  Figures  5-8b  and  5-8g  

show  copper  containing  1  nm  helium  bubbles  at  a  concentration  of  12,500  appm  He  while  

figures  5-8d  and  5-8i  use  the  same  size  bubbles  at  a  concentration  of  25,000  appm.  

Similarly,  Figures  5-8c  and  5-8h  are  generated  from  3  nm  helium  bubbles  at  a  concentration  

of  12,500  appm  He  while  Figures  5-8e  and  5-8j  use  the  same  size  bubbles  at  a  concentration  

of  25,000  appm.  Figures  5-8a  and  5-8f  correspond  to  pure  copper  and  show  shock  waves  

with  a  peak  pressure  of  160  and  400  GPa.  Since  there  are  no  heterogeneities  in  this  pure  

copper  case,  no  secondary  reflections  in  the  form  of  release  waves  are  generated  at  the  

interface  of  copper  and  helium  bubbles.  When  helium  bubbles  are  present  in  the  material,  

a  reduction  in  the  peak  shock  stress  within  the  shock  front  is  observed  due  to  the  

interaction  between  the  shock  wave  and  the  secondary  release  waves  generated  at  the  

interfaces  of  copper  and  helium.  The  secondary  reflections  occur  due  to  the  fact  that  

helium  is  much  lower  in  density  than  copper;  when  a  shock  wave  reaches  that  interface,  

part  of  it  is  reflected  back  as  a  release  wave.  If  this  release  wave  interacts  with  another  

release  wave,  it  can  lead  to  the  formation  of  voids  depending  on  the  tensile  stress  generated.  

If  this  release  wave  interacts  with  another  shock  wave,  it  simply  lowers  the  peak  stress  

associated  with  the  shock  compression  wave.  This  reduction  corresponds  to  the  number  

and  location  of  helium  bubbles.  A  higher  number  of  helium  bubbles  increases  the  number  
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of  interfaces  where  secondary  reflections  can  happen  and  hence  the  total  decrease  in  the  

peak  stress.  For  example,  in  the  case  of  Figures  5-8b,  5-8d,  5-8g,  and  5-8h,  when  the  

bubble  radius  is  changed  from  3  to  1  nm,  at  the  same  helium  concentration,  there  is  a  

higher  number  of  bubbles  in  the  simulation  cell  as  shown  in  Figure  5-5.  Hence,  there  is  

an  increased  number  of  interfaces   
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Figure  5-8:  Spatiotemporal  profiles  of  the  longitudinal  stress  during  shock  loading. 
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for  generation  of  secondary  release  waves.    Since  the  bubbles  are  also  distributed  differently  

due  to  change  in  the  size,  the  secondary  reflections  start  earlier  at  approximately  150  nm  

versus  170  nm  for  the  1  versus  3  nm  bubbles,  respectively.  As  the  helium  concentration  

is  increased,  this  leads  to  an  overall  increase  in  the  number  of  helium  bubbles  at  a  given  

size  (as  demonstrated  in  Figure  5-5)  and  a  higher  decrease  in  the  peak  pressure  of  the  

shock  wave  is  observed  with  increasing  helium  concentration  as  shown  in  Figures  4b  and  

4d  and  Figures  4c  and  4e.  This  should  have  reduced  the  amount  of  ejected  mass  with  

helium  concentration,  but  as  shown  in  Figure  5-7,  ejected  mass  increases  with  concentration. 

 To  understand  the  increase  in  ejecta  despite  the  decrease  in  pressure,  further  analysis  

is  performed  as  shown  in  Figure  5-8.  When  the  shock  front  reaches  a  helium  bubble,  part  

of  it  gets  reflected  back  as  a  release  wave,  and  the  rest  continues  to  travel  through  the  

cell  compressing  the  helium  bubbles.  Depending  on  the  bubble  size,  the  shock  can  compress  

the  helium  bubbles  in  two  ways:  1)  simple  collapse  of  the  bubbles  and  2)  formation  of  a  

jet  similar  to  a  shape  charge  which  eventually  leads  to  bubble  collapse  as  illustrated  in  

Figure  5-10.  The  smaller  size  bubbles  in  general  tend  to  completely  collapse  by  a  flattening  

process  (Figure  5-10a)  whereas  the  larger  bubbles  form  jets  (Figure  5-10b.)  When  the  

bubbles  collapse,  energy  is  released  into  the  system,  causing  the  local  velocity  and  

temperature  to  increase  and  releasing  the  helium  atoms  into  bulk  copper,  shown  in  Figure  

5-8.  The  magnitude  of  the  released  energy  depends  on  the  size  of  the  bubble.  This  

phenomenon  related  to  bubble  collapse  has  been  observed  experimentally  during  the  

recompaction  of  a  spall  plane  where  the  collapse  of  the  empty  voids  led  to  an  increase  in  

the  local  temperature  sufficiently  high  to  cause  recrystallization  [175],  [272].  The  collapse  

of  the  bubbles  in  a  diffuse  manner  distributes  the  energy  into  a  larger  volume  and  causes   
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Figure  5-9:  Snapshots  of  the  shock  front  as  it  reaches  the  rear  surface.  Figures  a,  d,  g,  
and  j  show  the  initial  defect  schemes  for  snapshots  taken  at  t=0.  The  middle  and  right-
hand  columns  represent  the  configurations  at  22  and  34  picoseconds,  respectively.  All  
other  parts  are  colored  by  velocity  as  indicated  by  the  scale  bar.  The  localized  increases  
in  velocity  correspond  to  the  collapse  of  bubbles,  which  leads  to  the  ejection  of  helium  
atoms.     
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Figure  5-10:  Snapshots  of  the  shock  front  as  it  reaches  the  rear  surface.  Figures  a,  g,  
and  i  show  the  initial  defect  scheme  for  each  row  while  each  column  is  a  snapshot  
taken  at  0,  22,  and  34  picoseconds.  All  other  parts  are  colored  by  velocity  as  indicated  
by  the  scale  bar.  The  localized  increases  in  velocity  correspond  to  the  collapse  of  
bubbles,  which  leads  to  the  ejection  of  helium  atoms.     
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ejecta  to  form  that  tends  to  be  mostly  monoatomic  or  smaller  in  size  (as  will  be  discussed  

later).  As  the  He  bubble  size  is  increased,  the  collapse  of  bubbles  through  the  formation  

of  jets  leads  to  ejecta  production  in  the  form  of  “fingers”  more  reminiscent  of  the  traditional  

RMI  ejecta  formation.  This  leads  to  the  formation  of  larger  cluster  fragments  of  ejecta.  It  

is  important  to  note  that  in  all  cases  smaller  and  larger  bubbles  are  present  since  only  the  

average  size  of  the  bubbles  was  changed.  When  the  bubble  concentration  is  increased  

within  a  certain  volume,  not  only  does  it  lead  to  an  increase  in  the  number  of  bubbles,  

but  also  the  bubble  size  due  to  coalescence  of  some  bubbles.  As  a  result,  in  this  regime,  

both  mechanisms  mentioned  above  can  be  active.    Another  feature  worth  noting  in  Figure  

5-9  is  that,  along  with  the  copper  atoms  (that  are  the  only  ones  counted  as  ejecta),  profuse  

amounts  of  helium  are  also  ejected  from  the  surface.  Although  helium  easily  moves  through  

copper,  it  likely  also  increases  ejecta  production  through  collisions  with  copper  atoms,  

leading  to  further  increase  in  the  velocity  of  the  atoms.  This  is  exemplified  in  Figures  5-

9b,  5-9e,  5-9h,  and  5-9k,  where  local  velocity  increases  in  copper  reach  beyond  10.0  km/s  

during  bubble  compaction.  Similar  bursting  behavior  of  helium  bubbles  near  the  free  surface  

of  copper  has  been  observed  by  Li  et  al.  [235].   

5.2.4.  Shock  Front  Non-planarity  and  Ejecta  Cluster  Analysis 

This  hypothesis  is  further  supported  by  ejecta  cluster  size  and  velocity  analysis  at  

particle  velocities  of  4.5  km/s.  Figure  5-11  shows  the  ejecta  velocity  as  a  function  of  the  

ejecta  cluster  size.  In  the  case  of  pure  copper,  the  majority  of  the  ejecta  clusters  tend  to  

consist  of  10  copper  atoms  or  less,  with  the  larger  clusters  having  a  reduced  velocity  

tending  towards  the  free  surface  velocity  (Figure  5-11a).  In  comparison,  copper  with  helium  

bubbles  of  1  nm  radius  generates  less  ejecta  particles  with  a  maximum  cluster  size  400  
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particles  whereas  copper  with  helium  bubbles  of  3  nm  radius  (and  the  same  helium  

concentration  of  25000  appm)  generates  more  ejecta  with  a  maximum  cluster  size  of  3000  

particles.  Similarly,  increasing  the  concentration  of  helium  for  a  fixed  radius  leads  to  an  

increase  in  the  maximum  ejecta  cluster  size  by  10  times.  For  example,  copper  with  a  

helium  concentration  of  approximately  12,500  appm  (Figures  5-11d  and  5-11e)  generates  

clusters  that  have  an  order  of  magnitude  less  atoms  and  reduced  free  surface  velocities  in  

comparison  to  copper  containing  an  initial  concentration  of  approximately  25,000  appm  He  

(Figures  5-11b  and  5-11c).  Thus,  as  both  bubble  size  and  helium  concentration  increase,  

an  increase  in  ejected  mass  and  ejecta  cluster  size  is  observed  despite  the  decrease  in  

shock  pressure  during  shock  compression.   
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Figure  5-11:  Velocity  scatter  plotted  against  particle  size  for  ejecta  generated  under  a  
piston  velocity  of  4.5  km/s. 

 

 
The  increase  in  velocity  is  even  more  apparent  when  the  analysis  focuses  on  single  

atom  and  diatomic  ejecta  particles,  as  shown  in  Figure  5-12.  Pure  copper,  in  comparison  

to  the  four  cases  where  initial  defect  size  and  concentration  are  varied,  clearly  generates  

the  least  amount  of  mono  and  diatomic  ejecta  with  much  lower  average  velocities.  Focusing  

on  a  comparison  between  bubble  sizes  at  approximately  12,500  appm  He,  (Figures  5-12b  

and  5-12c)  copper  with  helium  bubbles  having  a  radius  of  3  nm  produces  approximately  
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33%  more  monoatomic  and  diatomic  ejecta  as  compared  to  copper  with  1  nm  bubbles.  

However,  the  velocity  associated  with  these  monoatomic  ejecta  clusters  tends  to  be  similar  

--  11.91  +/-  1.24  km/s  for  1  nm  bubbles  and  11.59  +/-  1.26  km/s  for  the  3  nm  bubbles.  

This  supports  the  hypothesis  that  both  the  collapse  and  jetting  mechanism  are  active  in  

both  cases.  These  results  are  similar  when  the  helium  concentration  is  increased  to  25,000  

appm  (Figures  5-12d  and  5-12e),  with  average  ejecta  velocity  of  11.2  +/-  1.22 km/s  vs.  

12.1  +/-  1.09  km/s  for  the  1  nm  and  the  3  nm  bubble  case,  respectively.    While  the  

overall  production  of  ejecta  is  increased  by  approximately  80%  for  both  bubble  sizes  when  

the  helium  concentration  is  increased  to  25,000  appm  (Figure  5-7)  both  monoatomic  and  

diatomic  ejecta  production  is  nearly  doubled  between  these  concentrations.  These  results  

show  that  both  the  helium  bubble  size  and  concentration  significantly  affect  ejecta  

production.  Increasing  the  helium  bubble  size  increases  the  total  ejected  mass  and  also  

affects  the  morphology  and  size  of  the  ejecta  produced.    If  the  size  is  held  constant  and  

the  concentration  is  increased  similar  results  are  observed.   
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Figure  5-12:  Velocity  distribution  (bars)  for  monoatomic  (N=1)  and  diatomic  (N=2)  ejecta  
particles  with  a  fit  to  average  velocity  (curves)  shocked  with  a  piston  velocity  of  4.5  
km/s. 
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The  tendency  of  ejected  mass  to  form  clusters  is  also  mainly  dependent  on  

concentration.  Figure  5-13  compares  the  number  of  ejecta  clusters  to  the  cluster  size  for  

pure  copper,  copper  seeded  with  25,000  appm  He  in  the  form  of  interstitials,  and  He  

bubbles  of  either  1  or  3  nm  in  radius  at  concentrations  of  either  12,500  or  25,000  appm  

He.  Each  dataset  was  fit  with  a  power  law,  whose  exponent  can  be  linked  to  percolation  

theory,  which  describes  the  tendency  of  atoms  to  cluster  and  can  be  used  to  interpret  

aspects  such  as  dimensionality  of  the  physics  behind  ejecta  formation.  As  the  internal  

defects  increase  in  heterogeneity  (i.e.  size  and  concentration),  the  power  law  exponent  

increases;  pure  copper  and  copper  containing  25,000  appm  He  interstitials  have  the  lowest  

power  law  fit,  followed  by  copper  containing  12,500  appm  He  in  the  form  of  bubbles  

with  average  radius  1  nm,  copper  containing  25,000  appm  He  (average  radius  =  1  nm),  

and  copper  containing  25,000  appm  He  (average  radius  =  3  nm).  This  increasing  trend  

aligns  with  power  law  fitting  for  past  works  on  materials  with  a  surface  perturbations,  

whose  fitted  exponents  approach  -1.15  [235],  [250],  [251],  [273],  [274]. 

While  our  results  agree  with  Werdiger,  et  al.  [250],  other  studies  measure  cluster  

statistics  when  the  distinct  jet  formed  by  surface  roughness  begins  breaking  up.  Though  

our  studies  of  copper  seeded  with  helium  bubbles  generate  finger-like  jetting  initially,  jet  

break-up  is  much  more  rapid  in  comparison,  so  the  process  by  which  clustering  occurs  

changes  as  the  degree  of  induced  instability  increases.  This  idea  is  reinforced  by  the  

observed  trend  in  power  law  fits  of  cluster  sizes,  though  further  systematic  study  and  

experimental  validation  is  necessary. 
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Figure  5-13:  Particle  size  distribution  for  simulations  loaded  via  piston  shock  at  a  velocity  

of  4.5  km/s.  Lines  represent  power  law  fitting  for  preceding  case  listed  in  the  key.   
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5.2.5.  Conclusion 

Molecular  dynamics  simulations  of  ejecta  production  in  copper  containing  pre-existing  

helium  bubbles  with  average  radii  of  either  1  nm  or  3  nm  and  helium  concentration  of  

up  to  25,000  appm  He  were  performed  at  a  range  of  piston  velocities  along  the  [111]  

direction  in  order  to  elucidate  the  role  of  such  defects  on  the  production  of  ejecta.  While  

past  works  have  suggested  that  defects  near  the  surface  play  a  role  in  ejecta  production,  

this  work  directly  quantifies  the  role  of  such  defects  near  the  free  surface.  The  following  

significant  conclusions  are  reached: 

• Ejecta  production  is  more  than  doubled  by  the  addition  of  helium  bubbles  in  

comparison  to  pure  copper.  Increasing  the  average  radius  of  helium  bubbles  from  1  

nm  to  3  nm  increases  ejecta  production  by  20-25%,  suggesting  that  larger  bubbles  

increase  non-planarity  in  the  shock  front. 

• The  concentration  of  helium  atoms  within  the  material  plays  a  crucial  role  in  the  

production  of  ejecta,  but  concentration  must  be  approximately  10,000  appm  before  

a  significant  increase  in  ejecta  is  expected  to  be  observable  experimentally. 

• While  peak  shock  stress  decreases  around  helium  bubbles,  ejected  mass  and  cluster  

size  both  increase  as  both  concentration  and  size  of  defects  increase.  This  is  related  

the  mechanism  by  which  helium  bubbles  are  compacted,  via  collapse  or  jetting.   

• These  results  demonstrate  that  there  is  a  critical  helium  concentration  at  which  an  

increase  in  ejecta  production  should  be  observable  and  are  important  in  guiding  

experimental  efforts  and  in  the  design  of  future  experiments. 
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Chapter 6 Summary  &  Conclusions 

 This  project  has  explored  the  role  of  material  heterogeneities  and  defects  in  materials  

subjected  to  the  extreme  environment  generated  when  a  material  experiences  mechanical  

shock  loading.  Using  computational,  atomistic  simulations  consisting  of  billions  of  atoms  

over  thousands  of  time  steps,  the  behavior  of  copper  containing  empty  voids,  interstitial  

helium,  and  helium  bubbles  has  been  studied  during  shock  compression  and  ejecta  

production.  These  combined  findings  emphasize  the  critical  role  of  material  microstructure  

in  determining  the  structure-property  relationships  of  materials  subjected  to  shock  loading.  

The  mechanisms  responsible  for  the  collapse  of  helium-filled  bubbles  and  empty  voids  

during  the  passage  of  shock  waves  in  monocrystalline  copper  are  revealed,  and  a  generalized  

model  for  dislocation  emission  from  helium  bubbles  is  proposed,  where  the  inclusion  of  

the  shear  stress  generated  by  the  helium  bubble  is  shown  to  increase  the  critical  stress  to  

generate  dislocations  at  the  defect  surface,  demonstrating  the  change  in  plastic  deformation.  

Ejecta  production,  which  can  be  correlated  to  material  strength,  is  formed  when  a  planar  

shock  wave  reaches  a  free  surface,  and  the  size  and  velocity  distributions  of  the  ejected  

mass  are  related  to  the  morphology  of  the  defects  within  the  material  as  well  as  changes  

to  the  shock  front  induced  by  such  defects.  Taken  together,  these  results  show  that  the  

need  for  careful  and  systematic  study  of  material  microstructure  is  imperative  to  advance  

our  understanding  of  material  deformation  under  shock  loading. 
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6.1.  Shock  Compression 

 The  first  goal  of  this  work  was  to  understand  how  material  microstructure  affects  

the  deformation  of  copper  under  shock  loading.  Atomistic  simulations  of  shock  compression  

were  performed  on  single  crystal  copper  along  the  [111]  crystalline  direction.  The  radius  

and  internal  pressure  of  a  single  void  embedded  near  the  free  surface  was  varied,  as  well  

as  the  peak  shock  stress.   

To  summarize  the  conclusions  of  this  study: 

• Atomistic  processes  such  as  dislocation  generation  are  quantified  for  the  variety  

of  defect  sizes  and  pressures  with  helium-filled  and  empty  voids  serving  as  

sources  of  dislocation  emission. 

• Void  collapse  is  observed  to  occur  via  the  emission  of  dislocations,  similar  to  

earlier  mechanisms  for  void  growth  postulated  by  Lubarda  et  al.[162]  and  

modeled  using  MD  by  Traiviratana  et  al.[222]  and  Tang  et  al.  [242]. 

• Dislocations  are  emitted  by  the  formation  of  a  leading  partial  dislocation  followed  

by  the  formation  of  a  stacking  fault  and  then  a  trailing  dislocation.  As  

dislocations  move  away  from  the  defect,  they  react  with  each  other  on  {111}  

planes  to  form  sessile  dislocations  and  a  complex  network  of  work  hardened  

material. 

• When  the  particle  velocity  of  the  shock  front  is  increased  to  2.0  and  2.5  km/s.  

the  dislocation  generation  is  increased  by  defects  and  eventually,  locally  melted  

regions  form  due  to  hot  spot  formation  adjacent  to  helium-filled  and  empty  

voids. 
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• The  threshold  shock  stress  required  for  the  emission  of  dislocation  is  quantified  

and  analytically  modeled,  showing  that  the  inclusion  of  helium,  which  resists  

collapse  more  effectively  than  empty  voids,  increases  this  threshold. 

• The  threshold  stress  for  the  emission  of  dislocations  decreases  as  a  void  radius  

and  internal  pressure  each,  shown  in  both  analytical  and  computational  results. 
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6.2 Ejecta  Production 

The  second  goal  of  this  work  was  to  understand  how  ejecta  production  is  changed  as  

a  result  of  pre-existing  material  defects.  Atomistic  simulations  of  shock  loading  were  

performed  on  single  crystal  copper  along  the  [111]  crystalline  direction  with  a  flat  free  

surface.  The  defect  type,  concentration,  and  radius  were  each  varied,  along  with  the  peak  

shock  pressure.  The  following  conclusions  were  reached: 

• Despite  beginning  with  a  flat  free  surface,  ejecta  production  is  drastically  increased  

by  the  inclusion  of  helium  bubbles  and  voids  at  the  free  surface.  This  effect  is  

less  pronounced  for  interstitial  helium  defects. 

• While  a  lowered  shock  melt  threshold  for  defect-laden  material  was  hypothesized,  

the  bulk  shock  melt  point  was  not  significantly  altered  enough  by  the  inclusion  of  

such  defects. 

• The  morphology  of  ejected  matter  had  a  finger-like  appearance,  similar  to  what  has  

been  observed  for  Richtmeyer-Meshkov  instabilities  generated  by  well-parameterized  

surface  roughening  in  traditional  ejecta  experiments. 

• Analysis  of  ejecta  cluster  size  and  distribution  implies  that  different  mechanisms  of  

ejecta  production  are  related  to  different  ejecta  morphology,  with  hydrodynamic  

instabilities  being  linked  to  jet-like  structures. 

• Increasing  the  average  defect  size  and  concentration  each  lead  to  an  increase  in  

ejecta  production,  showing  that  changes  to  morphology  indeed  easily  change  ejecta  

production  as  well. 
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• Pre-existing  defects  such  as  helium  bubbles  generate  an  internal  hydrodynamic  

instability,  which  manifests  as  the  shock  front  loses  planarity  while  interacting  with  

the  defects. 

• Further  investigation  of  ejecta  cluster  size  and  distribution  shows  that  a  greater  

heterogeneity  induced  by  defects  correlates  to  an  increased  power  law  fit  exponent  

between  cluster  size  and  number  of  clusters. 
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6.3  Future  Outlook 

 In  closing,  this  dissertation  successfully  builds  upon  the  existing  body  of  knowledge  

on  the  role  of  microstructure  on  shock  loading  of  materials.  The  voids  and  helium  bubbles  

studied  throughout  this  work  have  been  shown  to  alter  the  atomistic  processes  of  

deformation  via  shock  by  generating  hot  spots  and  serving  as  dislocation  sources,  with  a  

dependence  on  the  internal  pressure  and  size  of  the  defect.  An  analytical  model  was  

developed  to  describe  the  emission  of  dislocations,  though  further  work  is  possible  to  

include  the  role  of  shock  heating  and  the  highly  localized  behavior  of  materials.  Voids  

and  helium  bubbles  were  also  shown  to  increase  ejecta  production  due  to  nonplanarity  in  

the  shock  front,  induced  by  the  localized  behavior  of  defects  during  shock  compression.  

As  the  pressure,  size,  and  concentration  of  defects  was  altered,  the  ejecta  production  was  

impacted,  with  greater  heterogeneity  generating  a  larger  nonplanarity  at  the  shock  front.  

This  leads  to  an  RMI-like  morphology  of  ejected  matter,  where  clusters  are  found  to  be  

larger  and  faster  for  simulations  with  greater  heterogeneity  under  shock  due  to  the  pre-

existing  defects.  Looking  forward,  experimental  work  is  necessary  to  corroborate  these  

findings  while  future  efforts  should  be  thoughtfully  and  systematically  parameterized  in  

order  to  fully  isolate  the  role  of  microstructure  in  the  shock  loading  of  materials. 
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