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Abstract 

 

Accelerated Design and Characterization of  

Oxidation Resistant Co-Based Gamma / Gamma-Prime Superalloys 

 

by 

 

Colin Alistair Stewart 

 

Superalloys are metallic materials comprising predominantly an FCC matrix (γ) with an 

L12 intermetallic reinforcing precipitate (γ’), capable of load-bearing applications at high 

temperatures such as the hot section components of gas turbine engines.  Recently 

discovered Co-based γ/γ’ alloys offer a potential avenue for improving engine performance 

beyond the current limit of commercial Ni-base alloys.  To exploit their potential, Co-base 

alloys must be able to grow a protective, continuous α-Al2O3 scale after brief (minutes) 

exposure to an oxidizing environment at temperatures on the order of 1100°C.  

Simultaneously, an alloy must also maintain high thermal stability of the strengthening γ’ 

phase.  The composition space available to achieve such behavior is vast, with commercial 

Ni-base superalloys typically containing 11+ elements.   Instead of a more traditional alloy 

design process by incremental trial and error, this dissertation employs modern 



 

 xii 

computational modeling in combination with high-throughput experimental techniques, 

pursuant to the mission statement of the NSF DMREF program. 

Combinatorial ion plasma deposition was used to systematically synthesize 234 distinct 

alloy samples in Co-Ni-W-Al-Cr-Ta space.  The alloy phase constitution and oxidation 

behavior after 1 h in air at 1100°C were investigated. Photostimulated luminescence 

spectroscopy (PSLS) was employed to rapidly screen for the presence of α-Al2O3 in the 

oxide scales.  While PSLS can adequately detect the formation of α-Al2O3, its ability to do 

so is moderated by the presence of extraneous, non-desirable oxides with varying thickness 

and composition.  Notably, it was concluded that overlaying CoO was more opaque to the 

PSLS signal than NiO.  Nevertheless, it was shown that a large number of positive PSLS 

spectra was often related to the overall thickness of the scale, with thinner scales usually 

characterized by an underlying continuous α-Al2O3 scale.  The merging of these synthesis 

and characterization techniques identified the compositional space of promising oxidation 

behavior, and the effects of Al, Cr, and to a lesser extent W and Ni, on this behavior. 

The experimental results were combined with calculations of the senary phase equilibria 

using available thermodynamic databases.  In this manner, the design space for Co-base γ/γ’ 

alloys with suitable stability of the reinforcing phase and desirable oxidation resistant were 

identified.  New compositions designated as “DMREF” alloys were synthesized, and were 

found to achieve a superior combination of properties relative to other Co-base alloys 

reported to date.  Thus, this dissertation has established the oxidation behavior and phase-

constitution in composition space relevant to Co γ/γ’ superalloys, designed and generated a 

novel alloy with markedly improved properties, and demonstrated proof of concept for the 

strategy of accelerated exploration, design and characterization of new alloy systems. 
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1 Introduction 

Combustion turbine engines power the aviation industry, as well as electricity generation 

from natural gas, both of which have an enormous impact on the US economy and 

environment.  In 2017, the United States generated 31.7% of its electricity from about 

2.5*1011 m3 of natural gas [1], which cost ~$35B [2].  Furthermore, in 2017 US aviation 

carriers burned over 20B gallons of jet fuel, at a cost of ~$77B‡ [3].  According to 2015 

data, burning of natural gas for electricity generation released 526 MMT§ CO2 equivalent, 

while burning jet fuel for aviation released 161 MMT CO2 equivalent, together accounting 

for about 10% of the US annual gross emissions of CO2 equivalent greenhouse gases [4].  

Owing to the size of these industries, even small improvements in jet turbine efficiency have 

the capacity to yield great economic and environmental benefits.  One way to increase 

turbine efficiency is through novel materials with higher temperature capabilities, which 

allow greater combustion temperatures.  Every 30°C increase in combustion temperature is 

equivalent to an approximately 1% efficiency increase [5].  Many of the hot-stage 

components of jet engines are currently made from nickel-base superalloys such as René N5 

(Figure 1.1b).  However, these alloys are considered to be reaching maturity as the solvus 

temperature of the strengthening γ’ phase approaches the solidus temperature [6].  

Fortunately, a potential path forward was enabled by a discovery in 2006 by Sato et al. [7].  

A new class of Co-base alloys were observed to exhibit the same strengthening γ’ phase as 

Ni-base alloys, yet with a melting temperature 100-150°C higher than that of nickel.  If such 

temperature increases were achieved, the benefits would equate to a 3-5% increase in 

                                                
‡ FAA Forecast lists jet fuel cost in dollars per barrel, with one barrel equivalent to 42 

US gallons. 
§ Million-metric-tons, equivalent to a teragram (Tg) in SI units. 
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turbine efficiency, leading to over $3B-5B annual fuel savings and 20-34 MMT CO2 

equivalent reduction in annual emissions. 

The single-crystal Ni-base superalloys currently used in many hot-stage turbine 

components are the product of over seven decades of research and development both of the 

alloy composition and the casting method (Figure 1.2) [6].  Further increases in temperature 

capabilities have been achieved by the addition of internal cooling passages and protective 

coating systems overlying the structural alloys (Figure 1.3).  These coating systems, which 

include a thermal barrier coating (TBC) and a bond coat (BC), provide not only thermal 

resistance, but also oxidative resistance via the formation of a passivating thermally grown 

oxide (TGO).  While the performance of the structural alloys is thus dependent on other 

material systems, it is critical for the underlying alloy to have some measure of thermal and 

oxidative resistance in the event of coating spallation.  To achieve these properties at the 

temperatures of interest, nominally 1100°C, a Co-base superalloy must have both a high γ’ 

solvus temperature, a large γ’ phase fraction (e.g. 60 vol.%) at the operating temperature, 

and form and maintain a passivating oxide layer when exposed to the harsh combustion 

environment in the engine.   

This dissertation will address primarily the oxidation behavior of Co-base γ/γ’ while 

exploring the relationships with composition, oxidation, and phase constitution.    Chapter 2 

will present a review of the relevant theory and literature regarding both Co-base γ/γ’ alloys, 

as well as the established Ni-base superalloys as needed.  This will include a review of the 

desired properties for superalloys in structural applications, as well as the known material 

properties of current superalloys and relevant constituent systems.  The general alloy 

oxidation process will also be covered, with a focus on those aspects relevant for Co- and 
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Ni-base superalloys.  Chapter 3 will discuss the experimental procedures used in the present 

work, including sample synthesis and preparation, oxidative exposure, characterization by a 

variety of methods, and phase equilibria calculations using available thermodynamic 

databases. 

These procedures are then used to investigate an initial set of higher-order 

(multicomponent) Co-base superalloys in Chapter 4.  Discussion will address not only the 

properties of these alloys, but also the traditional evolutionary approach in which they were 

designed.  Chapter 5 will then describe a non-destructive rapid-screening technique for 

oxidation behavior, along with validations of its use and assessment of its principles of 

operation.  This technique will then be used in combination with a high-throughput 

combinatorial synthesis technique discussed in Chapter 6.  Together, these synthesis and 

characterization techniques may be coupled with thermodynamic calculations to form a new 

rapid approach towards alloy development, in contrast to that first discussed in Chapter 4.  

Such a novel approach allows for the discovery of new superalloy compositions more 

quickly and systematically than the historical development of the Ni-base systems.  This is 

exemplified in Chapter 7, whereby the insights learned from the previous chapters are used 

to design a series of novel Co-base γ/γ’ alloys which surpass the capabilities of those 

reported in the literature to date.  Lastly, the emerging conclusions and implications of this 

body of work, as well as recommendations for future work, will be given in Chapter 8. 
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1.1 Figures 

 

Figure 1.1: Schematic of (a) the operating process of a turbine engine [8], and (b) the 
materials used for the different components in a Rolls-Royce Trent 800 aero-engine [9].  
Colors in parts denote constituent material: blue for titanium alloys, orange for steels, yellow 
for aluminum alloys, green for composites, and red for nickel-base superalloys. 
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Figure 1.2: Timeline of evolution for gas turbine airfoil material temperature capabilities, 
showing the effects of changing alloy composition and casting method.  Adapted from [6]. 
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Figure 1.3: An image of a turbine blade in cross-section, showing the internal cooling 
channels, and a schematic of the protective coating system on the exterior of the blade, from 
reference [10]. 
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2 Background 

Superalloys are so named based on their ability to resist mechanical and chemical 

degradation at high homologous temperatures, i.e. T/TM, where TM is the melting (solidus) 

temperature.  This makes them unique candidates for turbine engine components, where 

oxidation resistance must be combined with high temperature load-bearing ability.  It should 

be noted that the cobalt-based superalloys discussed herein will not refer to Co-Cr base 

alloys used for many turbine applications in the 1900s [11].  Such alloys do not possess 

ordered intermetallic precipitates, and eventually became overshadowed by the Ni-base 

alloys due to the presence of a strengthening γ’ phase.  It was in 2006 Sato et al. [7] 

discovered the presence of γ’ precipitates in ternary Co-W-Al, re-opening the door for Co as 

a base element in superalloy components.  Thus, the following sections will be discussing 

Co-base γ/γ’ superalloys and Ni-base alloys as needed for comparison, excluding the earlier 

Co-Cr (Haynes-type) alloys devoid of γ’, historically referred to as “cobalt superalloys”.   

2.1 Composition and Structure of γ/γ’ Superalloys 

Cobalt and nickel are the base (solvent) metals of interest in the following review.  

While nickel exists as the γ-FCC phase up to its melting point of 1455°C, cobalt instead 

exists as the ε-HCP phase at lower temperatures until it transitions to γ at 422°C and melts at 

1495°C [12].  At the elevated temperatures of interest for superalloys, a complete solid 

solution will exist between the γ phase of the two metals (Figure 2.1).  In nickel, the γ’ (L12) 

ordered phase is found in the binary Ni-Al system, and is stable up to 1370°C (Figure 2.2) 

[13,14].  However, the Co-Al binary contains no γ’ phase, and instead the γ phase is simply 

in equilibrium with the ordered β (B2) phase at greater Al contents (Figure 2.3) [15].  

Examining the ternary Co-Ni-Al space reveals that the β phase exists as a complete solid 
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solution between the Co-Al and Ni-Al binaries; however, the γ’ phase only extends out to 

~10-20 at.% Co in this space (Figure 2.4) [16].  Neither is the γ’ phase present in the Co-W 

binary system (Figure 2.5,) or the partial Co-Ni-W ternary  (Figure 2.6) [17].  It is only by 

combining W and Al additions that one can stabilize the γ’ phase in the ternary Co-W-Al 

system, as shown in Figure 2.7 [7]. The γ/γ’ field is rather small in the Co-W-Al system, and 

the γ’ solvus temperature of 990°C [7] is much lower than the binary Ni-Al γ’.  However, 

the cobalt-base space offers promise for superalloy development due to high solidus 

temperatures, ~1460°C for Co - 9.2 Al – 9 W (in at.%) [18].  This suggests that the drop in 

solidus with Al addition in Figure 2.3 is compensated by the relatively shallow variation in 

solidus with W shown in Figure 2.5.  Trading Co for Ni content in the quaternary Co-Ni-W-

Al space expands the size of the γ/γ’ field (Figure 2.8) and increases the γ’ solvus 

temperature [19], at the cost of slightly depressing the solidus [18].  The phase equilibria 

changes with Cr additions deserve particular attention, as this metal plays an important role 

in oxidation resistance [20,21] but it is reported to reduce the γ’ solvus [22,23].  Co and Ni 

both have significant solubility for Cr, limited in Co by the formation of a σ-Co7Cr8 phase at 

~40 at.% Cr (Figure 2.9), which is destabilized by increasing Ni contents and higher 

temperatures, (Figure 2.10) [24,25].  Conversely, W additions stabilize the σ phase at high 

temperatures ~1300-1350°C as shown in Figure 2.11 [26]. 

2.1.1 Elemental Partitioning Between γ and γ’ 

Partitioning of different elements between the γ and γ’ phases plays an important role in 

several relevant material properties.  Whether an element partitions to the ordered or the 

solid solution phase, and to what extent, can essentially be estimated from the phase 

diagrams in the previous section and the relevant tie lines.  For example, Al partitions to the 
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γ’ phase while Ni partitions to γ in the binary Ni-Al system (Figure 2.2).  Less obvious is the 

behavior of ternary systems, such as Co-W-Al, where W is seen to partition to the γ’ phase  

as in Figure 2.7(a).  However, as Ni content is added in substitution for Co, the tie lines at 

higher W rotate, leading to alloys that can achieve opposite behavior in the Ni-rich system, 

wherein W partitions to the γ phase—e.g. Figure 2.8(d).  The visualization of partitioning 

behavior on phase diagrams becomes more difficult when moving to higher-component 

systems, but it can still be calculated from a reliable thermodynamic database.  Several 

authors have explored the partitioning behavior of different elements experimentally, as 

summarized in Table 2.1.  The phase preference of elements will change both based on the 

solvent metal, as well as the concentrations of the different alloying additions.  In general, 

phase preference will not change dramatically with moderate shifts in composition space.  

However, the present discussion looks at large compositional changes between primarily Ni-

rich vs. primarily Co-rich alloys.  Large compositional alterations can indeed have a 

pronounced effect on the partitioning behavior among solvent metals, as illustrated in Table 

2.1. 

2.1.2 Contiguous Alloy Phases  

While the γ and γ’ phases of interest are both based on FCC orderings, a variety of other 

structures exist in surrounding phase fields.  These other phases will be of importance for 

mechanical properties of the alloy, as well as stability, diffusion, and oxidation behavior 

based on the effects on the chemical potentials of the components.  Both the Co-Al and Ni-

Al binary systems exhibit the intermetallic β-(Co,Ni)Al phase, which neighbors the γ’ field 

in Ni-Al.  As an ordered BCC phase (B2), β is known to be more brittle than the γ matrix at 

low temperatures. The β phase will also incorporate preferentially Al from the matrix, 
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bonding it strongly and lowering the chemical potential of aluminum, µAl [27,28].  Other 

phases typically found in some superalloys are topologically close packed phases (TCP), 

which include the σ, µ, and R phases identified in the materials systems of interest in section 

2.2.  TCP phases are intermetallics of complex crystal structures with high packing density 

and a limited number of coordination environments [29,30].  A subset of these alloys with 

stoichiometry AB2 are referred to as Laves phases.  The formation of TCP phases involves 

elements such as Ni, Co, W, Ta, and Cr, and are typically considered to undesirably affect 

mechanical properties [6].  It is noted that if the γ’ phase becomes suppressed in the Co-W-

Al ternary, the TCP µ phase will be in equilibrium with the γ phase at 1000°C (Figure 2.7).  

This brittle phase often forms in a lathe-like morphology [31], and will thus act as a stress 

concentrator in the alloy, making its formation undesirable for its effects on toughness.   

2.2 Phase Stability at Elevated Temperatures 

Microstructural stability and phase equilibria at elevated temperatures are important for 

mechanical properties and, in principle, oxidation behavior.  Moreover, the high temperature 

phase equilibria are relevant to assess challenges to fabrication, such as during directional 

solidification and subsequent homogenization treatment.  

2.2.1 γ’ Solvus and Solidus Temperatures 

The γ’ phase is stable in the binary Ni-Al up to the peritectic temperature of 1370°C, 

with the ratio of γ to γ’ depending on the composition.  On the other hand, γ’ is present in 

the ternary Co-W-Al system up to a maximum solvus temperature of 1033°C, albeit with a 

higher solidus temperature of 1451°C.  The inference is that an alloy optimization strategy 

should be focused on increasing the γ’ solvus without compromising the nominal 

temperature capability dictated by the solidus. It should also be noted that despite the 
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experimentally measured γ’ solvus temperature in the ternary Co-W-Al system, recent 

investigations have suggested that the L12 phase is actually metastable in those alloys.  This 

is reflected in a decreasing γ’ phase fraction with temperature, as well as experimentally 

observed coexistence of the γ (A1), χ-Co3W (D019), and β-CoAl (B2) phases at 900°C 

[32,33].  First principles calculations have shown that the γ’ formation energy is only 

marginally different that the competing γ-β-χ three-phase field. The stabilization of γ’ at 

finite temperatures is apparently the result of Co antisite defects on Al/W sublattice sites and 

vibrational contributions to the free energy [27].  Nevertheless, the presence of appreciable 

phase fractions of γ’ after 8000+ hours at 900°C suggest that its dissolution kinetics are very 

slow [33].   

In understanding the role of alloying additions on γ’ stability it is important to assess not 

only changes in the phase fraction with composition, but also on the solvus temperature 

because the γ’ phase fraction may not be a true indicator of its temperature stability.  One 

example is the behavior of Cr when added to Co-W-Al.  While Cr partitions to the γ phase, a 

non-negligible amount is also present in the γ’ and is observed to increase the phase fraction 

of the γ’ precipitates [34].  However, Cr still destabilizes the γ’ phase as seen in the reduced 

solvus temperature shown in Figure 2.12(a) [35].  Of the other transition metals, Ta was 

found to have the greatest beneficial effect on the Co-base γ’ solvus, followed by Ti, and Nb 

[35].  Conversely, Re was not effective in stabilizing the γ’ phase in Co-base systems [36].  

Finally, greater Ni additions will increase the γ’ solvus, transitioning between the Co-base 

and Ni-base systems by substitution of the solvent element [19].  In the same context, it is 

desired for superalloys to have a reasonable temperature difference between the γ’ solvus 
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and the solidus, allowing for solutionizing heat treatments without risking incipient melting 

of the component. 

2.2.2 Liquidus and Solute Segregation 

Elemental partitioning between the liquid and solid phases is critically important during 

solidification, not just in terms of the extent of segregation that must be subsequently 

homogenized, but also to minimize casting defects such as freckles or cracking.  Segregation 

is the result of the difference between solid and liquid phase compositions in equilibrium, 

coupled with the limited diffusion in the solid that precludes its composition to be adjusted 

as it evolves, and thus the attainment of global equilibrium (see Figure 2.13).  If diffusion in 

the liquid is considered sufficient to homogenize its composition and local equilibrium is 

assumed at the liquid-solid interface, the segregation behavior in binary systems would be  

described by the Scheil-Gulliver equation [37]: 

 𝑋! = 𝑘 ∗ 𝑋! 1− 𝑓! !!! (2.1) 

where XS is the composition of the solid at the interface, Xo the composition of the alloy, fs 

the fraction solidified, and k the partition coefficient defined as the ratio XS/XL (shown 

graphically in Figure 2.13).  As such, components of an alloy system with a k value further 

diverging from 1 segregate more strongly.  In principle, partition coefficients depend on 

temperature, but the Scheil-Gulliver model approximates the liquidus and solidus as linear 

functions of composition, so k is constant through the solidification range in a binary 

system. Furthermore, partition coefficients for given components would normally be 

different between Ni-base and Co-base alloys, yielding important differences in 

solidification behavior (Table 2.2).  
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The most impactful differences between Co- and Ni-base alloys from the above table 

will be the changes in W and Al segregation behavior.  In Ni alloys, heavier W segregates 

toward the solid during solidification, whereas less dense aluminum segregates towards the 

melt, leading to a phenomenon called “density inversion”.  Under such conditions 

composition gradients within the melt at different locations within the semi-solid “mushy” 

zone lead to less-dense liquid lower towards regions of greater solid fraction, driving 

convection toward the bulk melt.  The ensuing flow can break off and reorient dendrite 

fragments, leading to freckle defects in directionally solidified alloys, e.g. those illustrated in 

Figure 2.14.  Such defects are frequently a reason for rejection of directionally solidified 

aircraft engine parts [6].  A promising aspect of Co-base alloys is that the segregation of W 

and Al is much less significant than in Ni alloys, and so is the likelihood of density 

inversion.  Furthermore, Ta tends to segregate to the melt more strongly in Co than Ni 

alloys, which leads to denser liquid at higher solid fraction, further counteracting density 

inversion [38–40].  This is advantageous for casting large parts, as well as for additive 

manufacturing, where the feedstock material is melted once upon deposition and again 

partially melted with consecutive build layers. 

2.3 Oxidation Behavior  

For a superalloy to be deployed in a high temperature turbine environment it is required 

to have some measure of intrinsic oxidation resistance, i.e. to undergo some form of surface 

passivation in the event of loss of the protective overlay coatings (BC/TBC).  The rationale 

is that the latter cannot be prime reliant, which implies that coating spallation cannot be 

precluded completely [10], exposing the structural superalloy to the harsh combustion 

environment.  The alloy must successfully endure in such environment until the next engine 
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inspection cycle.  Furthermore, not all component surfaces are (or can be) endowed with 

protective coatings, further motivating the need for intrinsic oxidation resistance. 

2.3.1 Isothermal Exposure 

Among the multiple aspects of environmental resistance a superalloy must possess, the 

most foundational is arguably the ability to form a thin, slow growing thermally grown 

protective oxide (TGO) in a suitable short exposure to engine-relevant conditions.  It is 

desirable to form this TGO as quickly as possible to minimize the degradation of the 

substrate and prevent excessive oxidation of the base metal and key alloying elements.  

Once the TGO has been established it is important that its subsequent growth is slow, both 

to minimize depletion of the key oxide-forming element as well as to enable durability under 

thermal cycling and the associated thermal mismatch stresses [41].  The oxides of primary 

interest in gas turbines are Al2O3, Cr2O3 and SiO2.  Of these, α-Al2O3 typically has the 

lowest growth rate (Figure 2.15 [42]), the highest oxygen affinity (Figure 2.16 [43]), and is 

the least susceptible to volatilization by hydroxylation in water vapor [42,44].  Earlier Co-

base alloys were typically designed to form a chromia TGO [11], but replacing γ/γ’ Ni base 

superalloys with Co-γ/γ’ involves temperatures at which alumina is more desirable.  Yet, 

alumina tends to form transient metastable structures, notably spinel derivatives like θ and γ, 

which grow significantly faster than the stable α polymorph (Figure 2.17 [45]).  Therefore, 

the design goal for oxidation resistance in Co-γ/γ’ is to develop a composition that forms a 

thin, continuous α-Al2O3 scale at time scales on the order of minutes, and with little other 

oxidation products if any. 
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2.3.2 Cyclic Exposure 

Component durability depends not only on the establishment of a protective scale, but 

also on the ability of that scale to tolerate the thermal cycles inherent to engine service.  

Stresses are generated by the thermal expansion mismatch between the alloy and the scale, 

which generally causes a compressive stress in the scale on cooling, assuming the high 

temperature hold produces a stress-free condition by creep.  However, it has been shown 

that cracking under tension may also occur upon rapid heating, especially if some relaxation 

occurs on cooling [46].  Whether the scale remains attached or not depends on the interplay 

between the energy release rate (ERR) generated during the thermal cycle and the toughness 

of the TGO and/or the interface with the metal [41,47].  When the scale involves additional 

oxides that are non-protective, these can contribute to the ERR but not necessarily to the 

oxidation resistance.   

2.3.2.1 Sources of Oxide Stress 

The main source of stress evolution during cyclic oxidation is the CTE mismatch 

between the oxide and the alloy substrate, as noted earlier.  Because the CTE of the oxide 

cannot be substantially modified chemically for α-Al2O3, one desired property of a 

superalloy is a reduced CTE.  Growth stresses may also contribute to the ERR [48], but they 

are even less understood than those arising from CTE mismatch [49,50].  The volumetric 

change between a component in metallic form vs. that within an oxide is termed the Pilling-

Bedworth ratio (PBR) [51], defined as: 

 𝑃𝐵𝑅 =  
𝑉𝑜𝑙𝑢𝑚𝑒 𝑜𝑓 𝑎 𝑚𝑜𝑙𝑒 𝑜𝑓 𝑜𝑥𝑖𝑑𝑒 𝐵𝑥𝑂𝑦

𝑉𝑜𝑙𝑢𝑚𝑒 𝑜𝑓 𝑥 𝑚𝑜𝑙𝑒𝑠 𝑜𝑓 𝐵 𝑤𝑖𝑡ℎ𝑖𝑛 𝑟𝑒𝑎𝑐𝑡𝑎𝑛𝑡 𝑝ℎ𝑎𝑠𝑒 (2.2) 

which can logically be expanded in a similar manner for polycationic oxides [51].  Typically 

in the systems of interest, the incorporation of oxygen into the metal system results in a 
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volume expansion, PBR > 1.  Volume changes from any phase transformations and 

compositional changes within the system will also influence the stress state, such as the 

transition of θ-Al2O3 to α-Al2O3, which involves a ~5% shrinkage and can generate local 

tensile stresses [52,53]. Lastly, the geometry of a system can play an important role in 

concentrating stresses at samples corners and edges and enhanced out of plane stresses at 

curved surfaces, especially at larger scale thicknesses [42].  Typically, measured stresses in 

alumina scales on Ni-base alloys have been estimated as comprised of 3-5 GPa from CTE 

mismatch, and 0-1 GPa from growth [54].   

2.3.2.2 Relaxation of Oxide Stress 

There are also mechanisms by which the stresses in the scale can be relaxed, including 

creep of the scale and creep or plasticity in the metal substrate. Due to the thermally 

activated nature of creep, it is typically approximated that both the oxide and metal will be 

sufficiently plastic at the high exposure temperatures to rapidly reduce the stresses generated 

upon heating.  During cooling, however, creep will slow until it cannot counteract the 

generated stresses, leaving behind residual stresses in the room temperature TGO.  The 

implication is that a slower cooling rate will provide greater time at high temperatures where 

creep is more rapid, allowing greater relaxation of generated stresses [55].   

2.3.2.3   Decohesion of Oxide Scale 

After considering both stress generation and relaxation processes, the residual stress 

should be compared to the interface toughness in order to determine if failure will result.  

There are multiple modes of scale failure, and several detailed analyses have been conducted 

[47,55–58] as they are especially relevant for not only for alloy/TGO systems, but also for 

the superalloy/BC/TGO/TBC protection system at large.  In the context of the problems 
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considered in this dissertation, however, only the interface separation between an oxide 

scale under biaxial compression and the underlying metal substrate will be considered.  For 

the simplified case of a thin film thickness h and modulus E on an infinitely thick substrate 

under uniform stress σ, the energy release rate may be described by [59]: 

 𝛤!"" =
𝜎2ℎ

2𝐸𝑜𝑥𝑖𝑑𝑒
 (2.3) 

This equation may also be used to calculate a maximum scale thickness allowable before 

spallation, given known values of interfacial energy, TGO stress, and oxide modulus.  It 

should be noted that testing of a bulk oxide to determine the modulus E is not necessarily 

representative of the oxide in TGO form.  In addition to the difficulties in measuring the 

TGO properties, ascertaining the interfacial toughness between TGO and metal substrate is 

particularly challenging.  Care must be taken in the testing setup to account for the 

confounding factors of crack mode mixity, residual stresses (in addition to the stresses 

applied during testing), and pre-cracks [60].  The potential mode of failure, whether ductile, 

manner, or by interfacial decohesion will also affect the measurement of Γi.  While a system 

of Al2O3 TGO on Al metal substrate tends to have ductile interfacial cracks [60] (with some 

metal attached to the ceramic side of the fracture), Al2O3 on Ni alloys instead will 

delaminate in a brittle manner and is reported to have an interfacial energy Γi >100 J/m2 

[61].  Yet an important consideration is that contaminants within the system such as sulfur 

can segregate to the TGO-alloy interface, lowering Γι by an order of magnitude, i.e. 5-20 

J/m2.   
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2.4 Internal Oxidation  

Internal oxidation is a phenomenon common in multicomponent alloy systems where 

particles of oxide form under the surface, within a surrounding metal matrix.  This occurs 

when the alloy system contains a low concentration solute of greater oxygen affinity than 

the solvent, leading to selective oxidation of the solute within the bulk alloy.  Due to the low 

concentration of the solute, a continuous oxide scale is not established across the entire 

sample surface, allowing continued oxygen diffusion into the alloy and precipitation of 

solvent-oxides as discrete particles.  This behavior is evidently important for superalloy 

oxidation, as Al has a much higher oxygen affinity than the solvent Ni or Co, and the 

formation of an internal oxidation zone (IOZ) will be non-protective and undesirable.   

A basic quantitative description of internal oxidation in binary alloys has been achieved 

by Wagner [62,63].  Essentially, the inward flux of oxygen through the solvent metal will 

react with the outward flux of solute through an alloy depletion region to form a 

stoichiometric amount of oxide product as internal particles, thus forming an IOZ.  Because 

these particles locally block inward oxygen flux, if the volume fraction of IOZ, f(Al3O3) 

were to achieve some critical value f*, the solute metal would instead be able to form 

enough oxide product to produce a continuous scale [42].  Based on this model, the effects 

of alloy composition changes on internal oxidation can be estimated on a kinetic basis.  

Those that decrease oxygen solubility or diffusivity in the IOZ, and those that increase the 

concentration or diffusivity of the solute metal in the alloy will benefit continuous scale-

forming behavior.  From a practical standpoint, the critical concentration of solute metal 

(typically Al or Cr) necessary to form a corresponding continuous scale will be of greater 

importance, and is easier to measure experimentally. 
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Accurate quantitative predictions of oxidation behavior a priori are fraught, however, 

because NB*, the critical solute concentration to generate a continuous oxide scale, will scale 

directly with the value of f*; therefore, any error in this value will yield appreciable 

differences in the prediction of critical solute fraction.  Unlike the kinetic parameters 

involved in oxygen and solute fluxes previously mentioned, the factors which determine 

critical volume fraction f* are less clear.  Research by Rapp [64] on Ag-In alloys at 550°C is 

often cited, wherein an f* value was found for this system of approximately 0.3.  Many 

authors have since used this value for a variety of material systems and oxidation conditions, 

though the validity of such assumptions is questionable.  Zhao et al. have recently attempted 

to describe a more theoretical approach for determining f* values [65], although the 

predicted f* value for Rapp’s Ag-In system was 0.53 compared with the experimentally 

measured 0.3, a 77% error.  In light of the large error in f* and consequently NB* when 

attempting to quantitatively predict internal oxidation in a binary alloy, empirically 

determined critical solute concentrations NB* will be given for various applicable alloys in 

the following section. 

2.5 Oxidation Behavior of Constituent Systems 

2.5.1 Unary Co, Ni, Cr, Al 

Considering the oxidation of pure metals, Ni is fairly simple in that it only forms one 

stable oxide, NiO, with the rock salt structure (B1).  This phase grows by outward cation 

diffusion (p-type oxide), has a parabolic rate constant kp of ~4*10-10 g2/cm4s at 1100°C 

(Figure 2.15), and a dissociation pressure of ~1*10-9 atm at 1100°C (Figure 2.16) [42,66], 

such that: 
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= 𝑘! ∗ 𝑡 (2.4) 

where m is sample mass, A is surface area, and t is time.  Comparatively, Co is slightly more 

complicated in that it has three oxide products, Co2O3, Co3O4, and CoO.  The dissociation 

temperatures of Co2O3 and Co3O4 at 1 atm O2 are relatively low, approximately 300°C and 

900°C respectively [67], so focus will primarily on the monoxide CoO.  CoO is isostructural 

with NiO, and both are completely miscible at 1100°C [68].  CoO also grows via outward 

cation migration (p-type oxide), but it has a substantially faster parabolic rare constant kp = 

~7*10-8 g2/cm4s at 1100°C, and is slightly more stable with a dissociation pressure of 

~3*10−11 atm at 1100°C.  Both the NiO and CoO oxidation rates are too rapid to be desirable 

for structural alloy components, and neither is considered protective.   

On the other hand, pure Cr and Al produce sesquioxides Cr2O3 and α-Al2O3 which are 

more effective passivating layers, with kp of ~1*10-10 and ~8*10-13 g2/cm4s respectively at 

1100°C [42].  While both oxides share the corundum structure, they are not completely 

miscible until 1200-1250°C.  Al2O3 has a limited Cr solubility of ~10 at% at 1100°C 

[69,70], though in practice Cr is not observed in the TGO on alloys due to the much higher 

oxygen affinity for Al.  In the case of alumina, the generally low solubility for defects yields 

its low growth rate, which is principally controlled by oxygen diffusion along grain 

boundaries [71].  In contrast, chromia is less stable than alumina, with dissociation pressures 

of ~3*10-20 atm and ~5*10-32 atm at 1100°C, respectively [66].  The chromium system also 

includes a variety of volatile products (those with a high partial pressure), notably CrO3 

[44].  Volatilization is also enhanced in water vapor environments [72,73].  In essence, 

alumina is the preferred oxide scale to protect superalloy components in gas turbines at 

typical gas temperatures.  Conversely, for applications other than turbine engines, chromia is 
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often more resistant than alumina to attack by aqueous environments (marine corrosion) 

[42,74].   

2.5.2 Binary Ni-Al, Ni-Cr, Co-Al, Co-Cr 

The binary systems Ni-Al, Ni-Cr, Co-Al, and Co-Cr can achieve both the mechanical 

properties of Ni and Co, and the oxidation protection provided by alumina or chromia.  The 

Ni-Al system has the added benefit of forming the strengthening γ’-Ni3Al phase, not present 

in any of the other binaries.  The level of Cr or Al additions necessary to achieve oxidation 

resistance is based on that needed to prevent the formation of an IOZ.  A conservative alloy 

design, however, will possess a solute content above this critical value (NB*), which will 

differ between the four binary systems.  Reported critical values for continuous scale growth 

in these binary systems are summarized in Table 2.3.  

Commercial alloys based on these binary systems such as many Haynes alloys (Table 

2.4) include greater solvent Cr content above ~30 at% [75].  This is to allow maintenance of 

a stable scale at long exposure times, as well as immediate reformation in the event of scale 

spallation.  Additionally, moving from the unary to binary alloy systems introduces the 

possibility of polycationic oxides, namely spinels, (Co,Ni)(Al,Cr)2O4  (H11).  Unlike Co3O4, 

which is also a spinel, these polycationic spinels with Al and/or Cr are stable above 1100°C.  

2.5.3 Ternary Ni-Cr-Al, Co-Cr-Al 

Increasing in complexity, ternary additions of Cr to (Co/Ni)-Al alloys have synergistic 

effects between Cr and Al in promoting corundum formation.  This is known as the “third 

element effect” (TEE).  The proposals for TEE mechanisms include secondary gettering, 

templating, and a so-called “cross-turn” or “booster” effect.   The secondary gettering 

hypothesis proposed by Wagner [76] is simply that additions of a second solute with 



 

 22 

intermediate oxygen affinity to the solvent and primary solute will absorb additional oxygen.  

This reduces the inward flux approaching the oxidation front, thereby allowing continuous 

scale formation of the primary solute at lower concentrations.  One classic counter-example 

to the secondary gettering hypothesis is the addition of Mn to Fe-Al, which does not 

facilitate the establishment of alumina scale despite being of intermediate oxygen affinity 

[62,77–79].   

With respect to Cr and Al specifically, a templating effect has been proposed due to the 

isostructural nature of α-Al2O3 and Cr2O3 [80], whereby pre-formed chromia with the 

corundum structure can provide heterogeneous nucleation sites for α-Al2O3.  It is less clear, 

however, that a templating effect is contributing to α-Al2O3 formation in cases where a 

chromium oxide is not observed after oxidation.  Yet it is certainly clear that Cr additions 

promote the transformation of metastable alumina phases to α [81–83].   

Lastly, the “booster” effect hypothesis essentially states that not only is the direct 

diffusivity of aluminum down its own chemical potential gradient (DAlAl) driving outward 

solute flux, but also the cross diffusivity DAlCr, whereby Al also diffuses down the Cr 

depletion zone underneath the surface oxide [84,85].  Regardless of the exact mechanism(s) 

behind its operation, the beneficial Cr TEE on protective scale formation is well established 

experimentally.  This has lead to the widespread use of MCrAl (M = Ni, Co, Fe) as 

oxidation protection coatings and bond coats for thermal barrier coatings on superalloys.  

These ternary systems also form the basis of structural superalloys; however this involves 

further alloying to improve mechanical properties. 
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2.5.4 Effects of Tungsten (W) Addition 

The binary W-O system includes monoclinic WO2, monoclinic WO3, and a large range 

of compounds with intermediate stoichiometry WOx [86]. The dioxide form is slightly more 

stable than the trioxide, with dissociation pressures of ~7*10-14 atm and ~3*10-12 atm 

respectively at 1100°C, placing them between (Co/Ni)O and (Cr/Al)2O3 (Figure 2.16) 

[43,66].  Diffusion through thermally grown tungsten oxide is observed to occur via inward 

migration of oxygen anions in the range 600-900°C [87].  While practically nonvolatile in 

dry air or vacuum, small amounts of water vapor lead to high volatility [88,89].  However, 

in the present alloy systems of interest, tungsten typically forms tungstate oxides 

(Co,Ni)WO4 which are much less volatile [90].  Although minimal work has been done on 

the oxidation behavior of lower-order (Co,Ni)-W-(Al,Cr) systems, there is some evidence 

that W additions increase the oxidation rate of Ni-Cr alloys, while decreasing the oxidation 

rate of Co-Cr alloys [90–92].  It was observed that a Ni-W-rich depletion layer forms below 

the chromia scale in Ni-Cr-W alloys, which led to the hypothesis that W additions increase 

the oxygen activity in this layer and promote inward oxygen flux.  The marked difference in 

effects of W additions between Co- and Ni-base systems has been attributed to the formation 

of substantial volume fractions of Cr-rich σ phase in the Co alloy, not present in the Ni-

system [91,92], though further investigation is warranted.  In higher-order alloys, Yeh et al. 

[93] observed a marked increase in oxidation rate with increasing W content in Co-Ni-Si-Al-

W alloys (Figure 2.18).  An expansive design of experiments study by Yun et al. [94] in Ni-

Co-Cr-Mo-W-Al-Ta-Re-Ru alloy systems observed variable oxidation effects at 1100°C 

from W additions, depending on the compositions investigated.  Generally W additions are 

considered deleterious to oxidation resistance, though at increasing Al and Cr 

concentrations, W additions can be slightly beneficial, or at least neutral.  Clearly these alloy 
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systems are quite complex, and the nature of W effects on oxidation behavior could benefit 

from a more systematic study. 

2.5.5 Effects of Tantalum (Ta) Addition 

Ta additions up to roughly ~4 at.% Ta may be used to modify the γ’ phase stability in 

superalloys, and open up the possibility for the formation of tantalate compounds, including 

Ta2O5, (Co,Ni)Ta2O6, and (Cr,Al)TaO4  [95–97].  The effects of Ta additions on Ni- and Co-

base alloy oxidation resistance are not generally consistent.  Yan et al. [20] showed that 2 

at.% Ta additions to a Co-W-Al alloy slightly decrease the isothermal oxidation rate 

constant at 800°C, and decrease the cyclic oxidation mass change and scale thickness after 

196 h at 800°C.  These results are at variance with research by Klein et al. [98], who found 

that 2 at.% Ta additions to a Co-W-Al alloy increased the oxide layer thickness by over 30% 

after 400 h at 900°C.  A complex 16 component Ni-base superalloy “René N’5 Y+” was 

studied by Baik et al. [99] at 1100°C for 100 h.  The 3 at.% Ta present in the alloy was 

sufficient to cause the formation of oxides Ta2O5, CrTaO4, and NiTa2O6 among others.  

Further investigations on Ni alloys with a variety of refractory elements by Kawagishi et al. 

and Yun et al. [94,100] suggest that Ta may have a beneficial effect in conjunction with W, 

Mo, and Ru in stabilizing the oxides of these elements and preventing undesirable volatility.  

It is thus apparent that the effects of Ta in alloy oxidation have not been characterized in a 

systematic way, and there are likely a variety of operative mechanisms in play when present 

in higher-order alloys. 

2.5.6 Effects of Reactive Elements / Rare Earths (RE) 

The beneficial effects of certain reactive elements (RE) on oxidation resistance in M-Cr-

Al alloys has been known for many decades, first patented by Pfeil in 1945 [101,102].  Yet 
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the mechanism or mechanisms by which REs have such an effect is still under debate today.  

While a wide variety of elements may be considered “reactive”, the general criteria are that 

they have a large affinity for O and S, and that they have a relatively large ionic radius 

relative to Al or Cr [103].  Such elements have the primary effects in Al2O3 and Cr2O3 scales 

of improving TGO adhesion, and decreasing the growth rate of the scale once established 

[104].  While RE may be added in the form of either a metallic or oxide dispersion (ODS), 

the metallic form has generally been observed to be more beneficial [103].  When adding 

REs as a metallic alloy component, it is also important to avoid a phenomenon known as 

‘over-doping’, whereby there is sufficient concentration to form reactive element oxides that 

generate particles often embedded in the alumina scale [105].  Because the REs tend to have 

a high oxygen affinity, they may also form internal oxides underneath any potential Al2O3 or 

Cr2O3 layers, leading to increased weight gain.   

The reactive element oxides are also not particularly protective, generally displaying a 

high oxygen conductivity [106].  With respect to their two primary beneficial attributes, 

improving TGO adhesion and slowing growth, a variety of potential mechanisms have been 

suggested.  Sulfur has long been known to segregate to the oxide-metal interface and reduce 

TGO adhesion [107,108], and RE additions have been proposed to getter any native S to 

prevent such undesirable segregation [109].  However, S gettering is not the only beneficial 

effect of REs on improving interfacial adhesion, as de-sulfurized alloys also show an 

improvement from RE additions.  A phenomenon called “oxide pegging” or “mechanical 

keying” has been proposed by which alloys with sufficient RE concentrations to oxidize into 

particles (coarser than ODS particles) employ such particles to help anchor the TGO to the 

underlying metal substrate [103].  The validity of these mechanisms has not yet been 
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demonstrated, as there have been observed benefits to oxidation resistance in alloys with 

sufficient metallic RE additions to form oxide pegs over the much smaller oxide particles in 

ODS alloys.  Yet contradictory evidence exists showing a reduced concentration of metallic 

RE additions, leading to lower concentrations of oxide pegs, also benefits oxidation 

resistance.  With respect to reducing the sesquioxide scale growth rate, TEM EDS 

investigations have shown that while the solubility of REs in the bulk sesquioxide crystals is 

remarkably low [102,103], REs do segregate to oxide grain boundaries.  They are reported 

to alter the diffusion mechanisms in Al2O3 from the non-trivial contributions of both 

outward cationic diffusion and inward anionic diffusion to primarily inward O diffusion.  

This leads to finer, more columnar alumina grains over those TGO without RE additions 

[49]. 

Though the exact mechanisms of the RE effect are still being investigated, further 

studies on the optimal species and concentration of RE to add have yielded empirical results.  

Hf and Zr additions in alumina formers typically benefit most from ~0.05 at.% RE additions.  

Furthermore, recent work suggests added benefit from co-doping, such as by both Y and Hf 

to prevent the formation of RE oxides [103]. 

2.5.7 Prediction of Oxidation Behavior and Oxidation Maps 

Phase diagrams are an invaluable tool in alloy design, allowing for the prediction of 

phases present at a given composition and temperature.  Similarly, it would be helpful for 

alloy design to generate a predictive tool for oxidation behavior in a given alloy system.  

However, unlike alloy phases in equilibrium, oxidation is an inherently dynamic process and 

thus prediction of its behavior cannot simply be ascertained from a thermodynamic database.  

Similar application of the calculation of phase diagrams (CALPHAD) method [110] has 
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been applied to kinetic diffusion constants for the development of a relevant DICTRA [111] 

database.  This database has been used somewhat successfully in the prediction of alloy-

bond coating interdiffusion rates [112], and while this is an important development in 

modeling capabilities, it alone is insufficient to allow the prediction of oxidation behavior.  

Pragmatically, it would be desirable to predict the formation of internal vs. external 

oxidation of alumina (or other high-oxygen affinity oxides), the presence of various other 

oxides and their respective thicknesses, as well as any loses by volatilization.  As discussed 

previously in Section 2.4, there are several remaining gaps in the current models for internal 

oxidation, with a few key challenges including the quantitative prediction of solid-solid 

nucleation of IOZ particles within a metal matrix, as well as resultant changes in diffusivity 

along the formed oxide-metal interfaces.   

Due to the current inability to reasonably calculate oxidation behavior a priori, an 

empirical, pragmatic approach is taken with the creation of oxidation maps.  Such maps 

consist of an alloy phase diagram at a given temperature, superimposed with the 

qualitatively observed oxidation behavior of the alloys at that temperature, for a given 

atmosphere.  The alloy grain size and surface roughness prior to oxidation are not usually 

taken into account.  These figures allow for a broader understanding of which compositions 

give rise to IOZ formation vs. continuous scale, though even in simpler binary alloy cases, 

the complexity of the oxidation process leads to broad ‘intermediate’ or transitionary regions 

[13] (Figure 2.19).  As the theoretical understanding of oxidation is developed further, and 

computational capabilities continue to advance, oxidation maps will have an importance not 

only as a tool for alloy development (Figure 2.20), but also to validate future calculations of 

oxidation behavior.  It should be noted, however, that general, often vague and subjective 
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labels are frequently given to different regions of oxidation behavior seen in some oxidation 

maps (Figure 2.21).  Thus, such maps should ideally be coupled with oxide micrographs for 

true validation purposes of identifying all the different oxide phases and morphologies 

present.  

2.6 Oxide Characterization by Photostimulated Luminescence 

Photo-stimulated Luminescence Spectroscopy (PSLS) uses incident light to excite 

emission from a target material in the form of scattered light of a different wavelength.  

Figure 2.22 shows the potential outcomes of incident light striking a material sample.  Of the 

original incident intensity, only a small portion will be scattered at a changed frequency.  

Such changes in frequency are due to the properties of the material, including the vibrational 

modes and the electronic band structure.  These two types of interaction, vibrational vs. 

electronic, produce fundamentally different results in terms of the subsequently emitted 

light.  In the case of light interacting with the vibrational or rotational modes of the material, 

the resultant scattering will have a frequency shift:  

 ΔE = h |νo – νi| (2.5) 

where ΔE is the change in energy from the incident light, which is absorbed by the vibration 

of the material at a characteristic value, based on the mode [113].  These vibrational modes 

do not require a specific excitation frequency, and thus are characterized by the frequency 

shift of the light relative to the incident wavelength.  Such measurements are typically 

referred to as Raman spectroscopy [114].   In contrast, light can also interact with the 

electronic structure of the material.  In this case, electrons in the material can be excited over 

a present band gap, but only if the incident light is of energy equal to or greater than the 

band gap energy (Figure 2.23).  These excited electrons can subsequently relax across the 
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band gap to emit a fluorescence signal of energy equal to the band gap energy.  The 

technique of fluorescence spectroscopy refers to the process of scanning through incident 

light wavelengths to determine the lowest energy that excites electrons across this band gap.  

Photostimulated luminescence spectroscopy is thus the process of using incident light to 

excite different scattered frequencies, regardless of whether these frequencies are the result 

of vibrational or electronic interactions. 

In the material systems of interest there are relevant characteristic PSLS signals.  The 

first is from the α-Al2O3 phase.  Small amounts of substitutional Cr are ubiquitous in Al2O3, 

and they sit on the octahedrally coordinated Al sites in corundum.  On these sites, corundum 

has the Cr3+ oxidation state with the 3d3 valence undergoing crystal field splitting into t2g – 

eg orbitals [115,116].  As such, distortions in the octahedral sites produce two distinct 

emission lines, termed R1 and R2 at approximately 693.5 nm and 692.3 nm, respectively 

(approximately 1.442 µm-1 and 1.445 µm-1 respectively) in an unstressed state at cryogenic 

temperatures [115–117].  Because this characteristic α-Al2O3 doublet is the product of Cr 

substitutions, the intensity of the doublet will also scale with additional Cr doping [117].  

Doublet intensity has been observed to increase by several orders of magnitude up to ~0.8 

wt.% Cr, after which the intensity begins to decrease at greater Cr contents (Figure 2.24).  

The Cr content also influences the presence of characteristic PSLS signal termed N-lines, 

which come from Cr3+ - Cr3+ interactions, present at approximately 1.42 µm−1 and 1.427 

µm−1 at cryogenic temperatures (Figure 2.25) [117].  As such, the ratio between the N-line 

and R-line intensities can be used to judge the level of Cr present in the corundum.  Cr 

doping will also have a slight impact on the R-line frequency: 

 νdoped = νR2 + 0.827*XCr (2.6) 
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where ν is frequency in wavenumber at room temperature, and XCr is the chromium content 

in wt.% [117].  The R-line frequencies were also found by He and Clarke to be slightly 

temperature sensitive:  

 ν(T) = ν(To) + (-0.144, -0.134 cm-1/°C)*(T-To) (2.7) 

where the coefficients given are for the R1 and R2 lines respectively [118].  However, the 

largest and most useful factor influencing the R-line frequencies is the stress state.  This 

stress-dependence is logical as the fluorescence signal arises from the electronic state of the 

Cr-doped alumina, and the electronic bonds will certainly change under stress.  In a biaxial 

loading condition, such as that approximately found on flat TGO due to CTE mismatch and 

growth stresses, the peak shift may be described: 

 Δν = (2.533 cm-1/GPa)*σtotal (2.8) 

where σtotal is the biaxial in-plane stress from all sources [119].  Using PSLS in this manner 

to evaluate the stress state of α-Al2O3 is known as piezospectroscopy [119].  Any gradients 

in stress-state through a TGO film can thus lead to peak-broadening, and a bimodal stress 

state may arise due to local relaxation from scale fracture or spallation. 
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2.7 Tables and Figures 

Table 2.1: General partitioning behavior of different elements  
between γ and γ’ phases in Ni-rich and Co-rich systems 

Ni-base Alloys 

γ' (Ordered) Weak Partitioning γ (Solid Solution) 

(Al, Ti, Ta)[120] 
(Al) [19] 
(Ti,Ta,V,Nb,W,Si,Mo) [121] 
(Al,Ti) [122] 
(Al) [123] 

(Ni, W, Ir) [120] 
(Ni) [19] 
(Mo) [121] 
(Ni) [123] 

(Co, Mo, Cr, Re, Ru) [120] 
(Co, W) [19] 
(Co,Mo,Cr,Mn,Fe,) [121] 
(Cr, Mo,W)[122] 
(Co, Cr, Ru)[123] 

Co-base Alloys 

γ' (Ordered) Weak Partitioning γ (Solid Solution) 

(Al, W)[19] 
(Ti,V,Nb,Ta,Mo,)[31] 
(Ni,Al,W,Ti,Ta)[124] 

(Ni, Co)[19] 
(Ni,Al)[31] 
 

(Cr,Mn,Fe)[31] 
(Co,Re) [124] 

   
 

 

Table 2.2: Solute partitioning of alloying elements in Ni- and Co-base superalloys [38–40] 

Ni-base Alloys 

Solid (k > 1) Weak Segregation Liquid (k < 1) 

Cr, W, Re, Mo Co, Ni Al, Ta 

Co-base Alloys 

Solid (k > 1) Weak Segregation Liquid (k < 1) 

Cr Co, Al, W Ta, Ti 
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Table 2.3: Experimentally determined critical solute concentrations  
(NAl,Cr*) for continuous oxide scale growth 

System 800°C 900°C 1000°C 1100°C 1200°C 

Ni-Al  14-23 at.% 
[13]   6-14 at.% [13] 

Co-Al 14-25 at.% 
[125] 

20-25 at.% 
[125] 25 at.% [125]   

Co-Cr   
30 at.% [126] 
32 at.% [127] 

30 at.% [126] 30 at.% [126] 

      
 

Table 2.4: Compositions in atomic% of select commercial Co- and Ni-base alloys. 

Alloy Haynes 
6B 

René 
N5+ CMSX-4 Alloy Haynes 

6B 
René 
N5+ CMSX-4 

Ni:Co 0.04 8.43 6.95 Mo 0.87 0.94 - 

Co 52.91 7.64 9.24 Fe 3.00 - - 

Ni 2.38 64.41 64.22 Si 1.39 - - 

Al - 13.79 12.56 Mn 1.42 - - 

W 1.21 1.63 1.98 C 4.64 0.25 - 

Ta - 2.16 2.17 B - 0.022 - 

Cr 32.18 8.08 7.56 Y - 0.007 - 

Ti - - 1.26 Hf - 0.050 0.034 

Re - 0.97 0.98 Ref. [11] [128] [128] 
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Figure 2.1: The Co-Ni binary phase diagram showing the low-temperature ε (HCP) phase, γ 
(FCC) phase, magnetic transition (Curie temperature) above which the metals transition 
from ferromagnetic to paramagnetic, and lastly the liquidus (L), modified from [12]. 

 
Figure 2.2: Ni-Al binary phase diagram, showing the Ni FCC solid solution (γ), L12 ordered 
Ni3Al (γ’), B2 intermetallic NiAl (β), and liquid (L) [13,129].  

γ (FCC)
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Figure 2.3: The Co-Al binary phase diagram.  Of note are the γ-FCC phase and β-AlCo 
ordered intermetallic at high Co-contents, modified from [15]. 

γ Co
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Figure 2.4: The Co-Ni-Al ternary phase diagram at 1100-1300°C, showing the stability of 
the ordered γ’ phase in the Ni-Al binary, but with limited Co solubility.  In contrast, the 
ordered β (B2) phase has complete Co-Ni solubility at these temperatures [16]. 

 
Figure 2.5: The Co-W binary phase diagram showing the intermetallic µ phase 
(rhombohedral D85, R-3m, Co7W6), and Co3W (ordered hexagonal D019) phases, as well as 
the unusual feature of a small magnetic miscibility gap following the Curie temperature (TC) 
[17]. 

γ’
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Figure 2.6: Co-Ni-W ternary phase diagrams at 800°C and 900°C, showing the solid 
solution γ-FCC phase, and the ordered Co3W and µ-Co7W6 with significant (but not 
complete) Ni solubility.  Also visible is the Ni4W phase with limited Co solubility [130]. 
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Figure 2.7: The Co-W-Al ternary phase diagrams at 900°C (A) and 1000°C (B), showing a 
small γ/γ’ two-phase field to be present at the lower temperature (shaded) [7]. 
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Figure 2.8: Isothermal isoconcentrate (ITIC) sections of the Co+Ni-W-Al phase diagrams at 
900°C.  The γ/γ’ two-phase field is shown (shaded) to increase in size with greater Ni 
additions [19]. 
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Figure 2.9: The Co-Cr binary phase diagram, showing significant Cr solubility in the γ 
(FCC) and ε (HCP) Co phases, as well as the σ-Co7Cr8 intermetallic (tetragonal P42/mnm) 
phase [24,26]. 
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Figure 2.10: Co-Ni-Cr ternary phase diagrams at temperatures from 800-1300°C.  There is 
complete solid solubility between the γ-FCC Co and Ni phases, and increasing solubility of 
Co and Ni in α-BCC Cr at increasing temperatures.  The σ present in the Co-Cr binary has 
some Ni solubility, but becomes unstable by 1300°C [25]. 
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Figure 2.11: The Co-Cr-W ternary phase diagram at 1350°C (modified from [26]).  In 
comparison with the Co-Ni-Cr ternary diagrams in Figure 2.10, it is seen that the σ phase is 
not present at 1300°C in the Co-Cr binary, but becomes stabilized with ternary W additions 
[26].  There is also significant solubility of Cr in the µ phase, which extends out from the 
Co-W binary.  Also present is the ternary compound labeled R (rhombohedral, R-3, 
Co23Cr15W15). 
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Figure 2.12: Effects of various alloying additions on the γ’ solvus temperature in Co-base 
superalloys (a), as well as partitioning behavior of said elements (b).  Overall, γ’ stabilizing 
elements partition to the γ’ phase, and vice versa for γ’ destabilizing elements [35]. 
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Figure 2.13: Schematics of a eutectic binary materials system during solidification.  Points 
are labeled: net alloy composition (Xo), solid composition (Xs), liquid composition (XL), 
eutectic composition (XE), eutectic temperature (TE), and partition coefficient (k), modified 
from [37]. 

                                                                                                                                                                                                                                                                                                                                                                                                             

  
Figure 2.14: Freckle chain defects in directionally solidified superalloys [6]. 
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Figure 2.15: Parabolic growth rate constants for common oxides as a function of 
temperature at 1 atm [42]. 
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Figure 2.16: Ellingham diagram of various oxidation reactions, with 1100°C marked as the 
vertical dashed line.  Adapted from [43,66]. 
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Figure 2.17: Relative growth rates of alumina polymorphs on pure NiAl [45]. 
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Figure 2.18: TGO in cross-section after a 146 h exposure at 1150°C.  Alloy (b) is Co-30Ni-
2Si-10Al-10W at.%, while (d) is Co-30Ni-2Si-10Al-5W [93]. 
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Figure 2.19: Oxidation map of Ni-Al alloys in air at various temperatures, modified from 
[13]. 

 
Figure 2.20: Oxidation map of Ni-Cr-Al alloys in air at 1000°C, compiled from [42,131]  
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Figure 2.21: Oxidation map of Co-Cr-Al alloys in air at 1100°C, modified from [21] 

 

z  
Figure 2.22: Diagram of the potential interactions of incident light with a sample material, 
including transmission, reflection, absorption, and scattering [132].  Of the scattered light, 
some experiences a change in frequency due to vibrational or electronic interactions with the 
material.  
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Figure 2.23: Electronic responses of a target material to absorbed light.  The bold horizontal 
line at the bottom represents the HOMO from which electrons may be excited upon the (A) 
absorption of incident light.  The smaller horizontal dashed lines are the available higher 
energy states to which electrons may be excited, labeled So, S1 and T1 for the singlet ground 
states, and lowest excited singlet and triplet states respectively [113].  Excited electrons may 
then (R) relax to lower available states, undergo (IC) internal conversion, or (ISC) 
intersystem crossing.  Upon relaxing to the LUMO, electrons can then relax across the band 
gap to emit light as (F) fluorescence, or (P) phosphorescence photons. 

 
Figure 2.24: α-Al2O3 PSLS doublet intensity with increased Cr doping normalized to 
undoped material. [117] 
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Figure 2.25: PSLS spectrum of 0.86 wt.% Cr single crystal α-Al2O3 at cryogenic 
temperature, demonstrating the characteristic R-peaks from Cr3+ substitutions on Al sites, 
and N-peaks from Cr3+-Cr3+ pairs, as well as an Ar calibration line. [117] 
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3 Experimental Procedures 

 
Understanding the alloy phases and oxidation behavior across composition space is 

necessary to develop novel Co-based γ/γ’ alloys with superior properties.  To approach this 

challenge systematically, a combinatorial synthesis approach was undertaken to generate 

three libraries covering a wide range of alloy compositions.  The resulting specimens were 

prepared metallographically to achieve a consistent surface finish, oxidized, and then their 

thermally grown oxide (TGO) was characterized to ascertain the presence of α-Al2O3.  Bulk 

alloy samples were then created iteratively based on the developed knowledge from the 

combinatorial samples.  The various procedures used in this research are discussed in the 

current chapter; further details or deviations from the standard procedures described here 

will be given in subsequent chapters, as appropriate.  

3.1 Alloy Synthesis  

Three different alloy synthesis techniques were used in this study.  First, an ion plasma 

deposition technique was employed to create a large number of alloys in a combinatorial 

approach, each alloy in a small volume.  Arc melting, conversely, was used to create 

selected samples in small numbers but with larger volumes.  Physical vapor deposition was 

also used sparingly to create thin model systems for investigating the properties of specific 

oxides.  Once an alloy composition had been identified with promising characteristics, a 

bulk ingot was ordered from a commercial supplier (Sophisticated Alloys, Butler, PA), 

created via vacuum arc melting. 
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3.1.1 Combinatorial Synthesis by Ion Plasma Deposition 

To create a wide variety of alloys across composition space, a synthesis technique was 

sought to generate a large number of samples of systematically varying compositions.  

Furthermore, because these exploratory alloys would be consumed to some extent by high-

temperature oxidation and interdiffusion with the substrate, the thickness of the sample had 

to be sufficient to retain the original composition in a significant fraction of the volume after 

the oxidation tests.  Although combinatorial synthesis of alloys is not uncommon, the latter 

goal is not readily achieved.  For example, co-deposition from multiple sources using 

techniques such as magnetron sputtering can yield only thin films ≤ 1 µm [133–136].  As a 

result, oxidation testing must be conducted at fairly low temperatures (e.g. < 500°C), and 

care must be taken to deposit onto a substrate that limits interdiffusion with the deposited 

test alloy, thereby consuming the bulk of the alloy.  Alternatively, vacuum arc melting can 

be used to create a variety of alloy ingots that can retain the bulk composition away from the 

surface after oxidation. However, the number of different combinations that can be 

generated by this approach in a reasonable time is rather limited [94].  Ion plasma deposition 

(IPD) [137] offers an attractive compromise between these techniques, as it creates many 

compositions in parallel by co-deposition from multiple sources, but is able to achieve thick 

films, in the range of 50 µm to over 100 µm, that could retain the bulk composition after 

oxidation. 

In the IPD approach used in this investigation, three metal cathodes were arranged over 

the corners of a triangular array of substrate buttons, as illustrated in Figure 3.1.  The 

cathodes are then subject to an electric arc under vacuum to generate a plasma that produces 

plasma as well as droplets which are deposited concurrently onto the substrates. 
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In consequence, the generated IPD coatings have variable compositions depending on their 

relative location in relation to the three source cathodes, forming a ‘library’ of test buttons.    

Three libraries of buttons were created by using two common cathodes and changing the 

third one, each cathode being multi-component as shown in Table 3.1.  Cathodes 1 and 2 

were common to all three libraries, representing a change in the Ni:Co ratio across one axis.  

Individually, the third cathode for each library was 3, 4, or 5 corresponding to changes in the 

Al, W, or Cr content.  The substrate material was based on the composition of Cathode 1 to 

minimize interdiffusion and CTE mismatch with the IPD coatings. 

All cathodes were cast and machined by Sophisticated Alloys.  Measurement of the 

bulk compositions was performed by inductively coupled plasma emission spectroscopy 

(ICP) at Northern Analytical Laboratory Inc. (Londonderry, NH) and Sherry Laboratories 

(Daleville, IN). The IPD was conducted at General Electric Global Research (Niskayuna, 

NY).  A heat treated, polycrystalline ingot of the substrate alloy was cut by EDM into 234 

buttons of approximately 12.7 mm diameter and 2.5 mm in thickness.  The EDM surfaces 

were then removed from the flat faces using a surface grinder and 400 grit cubic boron-

nitride grinding wheel fed at 2 µm per pass.  Sets of 80 buttons were adhered to a magnetic 

plate with Crystalbond 509 (Thermo Fisher Scientific) to grind a large batch at once, and to 

keep both sides of the buttons approximately parallel.  Once the faces were polished, the 

buttons were adhered to metal rods & mounted in a drill press, whereby the EDM surface on 

the curved edges was removed with SiC paper down to 800 grit by hand.  Following 

removal of all EDM surfaces, buttons were ultrasonically cleaned in acetone for 20 minutes 

and then in isopropanol for 15 minutes.  These cleaned buttons were then supplied to GE 

Global Research for IPD deposition.  The arrangement of substrate buttons and source 
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cathodes is shown in Figure 3.1.  There was an approximately 7.6 mm separation between 

the substrate buttons (edge to edge) and an approximate 16.2 cm separation between the 

source cathodes (center to center).  

3.1.2 Arc Melting 

Once regions of more promising oxidation behavior were identified by analysis of the 

combinatorial libraries, larger amounts of select compositions were generated by arc melting 

individual buttons in the shape of spheroidal caps, approximately 11 mm tall by 28 mm in 

diameter, weighing ~40 g.  Shot, pellets, and granules of chemically pure elements (>99.9%) 

and cut pieces of pre-alloyed buttons were combined in the appropriate amounts to achieve 

the compositions of interest.  A Centorr (Nashua, NH) #5 arc-melter was used to melt the 

constituent metals into a combined button on a copper chill-plate in a gettered argon 

atmosphere (XO < 10-11 or < 0.1 ppb).  A titanium button was also melted within the 

chamber in a pocket next to the sample to getter any oxygen evolving by degassing from the 

furnace surfaces.  After the initial arc-melting step, the sample was flipped over and re-

melted twice to ensure homogenously throughout the button. 

3.1.3 Single Crystal Growth 

A select alloy composition, discussed in a Chapter 7, was ordered in bulk (~8 kg) from 

commercial supplier Sophisticated Alloys, created using vacuum arc melting.  This alloy 

was used in both the as-cast polycrystalline (PX) state, as well as cast into single crystals 

(SX).  Single crystal growth was performed in a vacuum casting furnace in Bridgman mode 

(ALD Vacuum Systems Inc., Wixom, MI) [138].  The 2.4 kg of ingot material was loaded 

into an induction heated ceramic crucible inside the furnace.  A 5-bar ceramic investment 

casting mold with spiral grain selectors was mounted on a water cooled chilled plate inside 
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the furnace.  The mold was preheated to 1575°C under vacuum below 10-4 mbar, and held at 

this temperature until pouring.  The alloy was melted to fill the pre-heated mold with liquid 

metal, and then the mold was withdrawn from the bottom of the heater at a rate of 3.4 

mm/min.  After cooling and removal from the mold, SX bars were macroetched in a solution 

of 800 ml HCl, 20 ml HNO3, 110 ml H2O, and 160 g FeCl3 for 5 h.  Etching was conducted 

to observe any grain defects on the nominally single-crystalline bar.   

3.1.4 Physical Vapor Deposition 

It was desired to create model systems of some thin oxide layers on top of a specific 

substrate.  For this purpose, an electron-beam physical vapor deposition (PVD) system was 

used to deposit a metal film in the range 10-40 µm thick onto a wafer of polycrystalline α-

Al2O3 (CoorsTek, Golden, CO) with an area of ~1 cm2.  The alumina wafer surface was 

prepared by ultrasonic cleaning in isopropanol followed by sputtering Au-Pd onto the 

surface using a Hummer 6.2 Sputtering System (Anatech USA, Union City, CA) under ~90 

mTorr of Ar at 10 mA for 120 seconds.  This sputtered material was to promote adhesion of 

the metal film during deposition, which was then oxidized into a single oxide phase adherent 

to the substrate.  A custom deposition system was used to conduct the PVD, made from 

three SFIH-270 e-beam sources allowing co-deposition, as well as a Simba 2 power supply 

(both FerroTec, Santa Clara, CA, formerly Airco-Temescal).  An SQS-242 deposition 

control system was incorporated (Inficon, Bad Ragaz, Switzerland, formerly Sigma 

Instruments).  Metallic cobalt and/or nickel targets were used for the deposition process (> 

99.9% purity), with the plating thickness monitored by a quartz crystal microbalance (QCM) 

sensor. 
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3.2 Alloy Heat Treatment  

Both cast ingots and IPD combinatorial samples were heat treated to homogenize the 

alloys prior to testing.  Unless otherwise noted, heat treatments were conducted in a vacuum 

resistance furnace with tungsten heating elements (Vacuum Industries, model 1822, 

Somerville, MA) at ~10-6 Torr.  Samples were placed on an alumina plate and covered (not 

in contact) by a solid titanium cage to getter any residual oxygen in the system.  This and 

other furnaces used in this study (e.g. for oxidation) were controlled with a Eurotherm 2404 

PID controller (Ashburn, VA).  Typically, bulk alloy samples were subjected to a two-step 

heat treatment consisting of solutioning and aging.  Combinatorial samples produced by IPD 

only received a solutioning treatment, and were considered to age in situ during oxidation.  

Solutioning achieved both homogenization of the segregation produced during solidification 

as well as dissolution of all the γ’ into the γ matrix.  This is ideally conducted above the γ’ 

solvus, but since the solvus changes with composition, the appropriate treatment temperature 

will be noted in each section, typically 1200°C.  After a prescribed dwell time the alloys 

were rapidly cooled to promote size uniformity of any precipitated γ’ particles.   Secondly, 

an ageing treatment was applied to fully precipitate the γ’ phase uniformly throughout the 

material.  The exact conditions of heat treatment will be discussed in the individual sections, 

based on the alloys under investigation.  The heterogeneous microstructure of the as-

deposited IPD alloys compared with the homogenized coatings post-solutioning are shown 

in Figure 3.2. 
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3.3 Oxidation  

The thermally grown oxides produced on alloys could be influenced by various 

environmental effects, including the presence of water vapor and dust or salt in the air.  For 

this reason, samples were usually oxidized in a controlled-atmosphere furnace. 

3.3.1 Controlled Atmosphere Isothermal Exposure 

Isothermal oxidation was conducted in a tube furnace (CM Furnaces, Bloomfield, NJ) 

using a 76 mm diameter fused silica enclosure. The furnace was pre-heated to the prescribed 

temperature and samples loaded onto a refractory boat inside the enclosed chamber. The 

chamber atmosphere was flushed; this was conducted by pulling vacuum on the enclosed 

tube to ~0.1 Pa, filling the tube back up with filtered air, and repeated once more.  After 

flushing, a slow gas inlet of 0.1 l/min was established to ensure laminar flow across the 

samples.  The inlet air was filtered using three Parker Balston filters (Lancaster, NY) in 

series: models A914-DX and A914-BX to remove 99.99% of particles down to 0.01 µm, oil 

down to a maximum of 0.012 ppm, and water vapor down to a maximum of ~2700 ppm 

prior to secondary removal of any remaining water vapor using a model CI100-12-000 filter.  

Once the furnace temperature and environment were established, samples were injected into 

the hot zone under the controlled atmosphere.  The injection was conducted using a push-rod 

that entered the chamber through a sealed-interface.  As such, injection did not alter the 

controlled atmosphere inside the furnace.  After dwelling in the hot zone for the desired 

oxidation time, samples were then withdrawn over the course of 5 min to avoid spallation of 

the scale that may occur under a faster cooling rate. 
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3.3.2 Thermal Cycling 

Thermal cycling was conducted using an alumina boat resting on a robo-loader, and as 

such a controlled atmosphere could not be established.  Instead, a Lindberg/Blue M General-

Purpose furnace (Thermo Fisher Scientific, Hampton, NH) was heated to the prescribed 

temperature open to laboratory air.  Samples were then inserted into the hot zone, held at 

temperature for 1 h, and then withdrawn following a thermal cycle depicted in Figure 3.3.  

At select cycle numbers, the treatment was interrupted and the samples were weighed to 

measure the progress in oxide growth. 

3.4 Thermophysical Characterization 

3.4.1 Differential Thermal Analysis 

DTA was performed on pieces of alloy post-heat treatment, primarily to identify the γ’ 

solvus, solidus, and liquidus temperatures.  Samples were cut via electric discharge 

machining (EDM) into cylinders approximately 6 mm tall, 3 mm in diameter, and 400 mg in 

weight.  The surfaces were then polished and the sample was cleaned ultrasonically in 

isopropanol.  A given sample was then placed in an alumina crucible, and loaded into a 

Setaram Setsys 1750-ATD (Setaram, Caluire, France) DTA, along with a 341.2 mg platinum 

reference sample in a similar alumina crucible.  Within an argon environment, the DTA is 

then heated through 1300°C and cooled to room temperature both at a rate of ~ 5 °C/min, 

and the heat flux relative to the reference is measured vs. time to observe any endothermic 

or exothermic reactions.   

3.4.2 Dilatometry 

Dilatometry was conducted using a Orton 2016 HU (Orton, Westerville, OH) under Ar.  

Sample bars approximately 25 mm long and 9.5 mm in diameter were cut using EDM, and 
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the long ends gently polished to remove any machining debris.  Sample alloys were cut post-

heat treatment, and measured with respect to a polycrystalline standard alumina cylinder.  

Change in sample length was measured with the dilatometer’s extensometer as the material 

is heated at a rate of 3°C/min.  Because the setup is contained in a fused silica tube, the 

temperature was limited to a maximum temperature of 1200°C to avoid softening of the 

glass.  In this manner, the CTE of the alloys is measured, as well as the γ’ solvus 

temperature based on changes in the net CTE as the ordered phase dissolves.  Provided the 

solvus is below 1200°C, this measurement can be compared with DTA measurements. 

3.4.3 Archimedes’ Method of Density Calculation 

While density is important for aerospace components, the present investigations were 

primarily focused in altering the oxidation behavior and alloy phase stability.  Once a 

promising alloy composition was achieved, its density was measured by the traditional 

Archimedes method.  A bulk alloy sample was measured in air on a microbalance, as well as 

submerged in deionized water.  The difference between these measurements combined with 

the known density of water is used to calculate the alloy density based on buoyant forces.  

3.5 Metallographic Preparation 

Standard metallographic preparation techniques were used both to prepare sample 

surfaces prior to oxidation, as well as to prepare samples for characterization, typically by 

scanning electron microscopy (SEM). 

3.5.1 Surface Finish Pre-Oxidation 

A consistent surface finish was desired prior to oxidation not only to remove any 

contaminants from the material, but also to achieve a uniform surface condition, including a 
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suitably low roughness and minimizing the dislocation density that may have resulted from 

cutting and grinding.  Preparation of samples prior to oxidation can generally be divided into 

three categories based on the type of sample: combinatorial buttons, bulk alloys for 

isothermal oxidation, and bulk alloys for cyclic oxidation.   

3.5.1.1 Polishing of Combinatorial Samples Prior to Oxidation 

Combinatorial buttons presented the unique challenge that the material volume of 

interest was fairly small, approximately ~110 µm of heat-treated IPD coating on top of the 

substrate alloy.  Therefore, care must be taken to minimize the amount of IPD layer removed 

during preparation.  With this in mind, the combinatorial buttons were taken from heat 

treatment immediately into polishing using a vibromet polisher with a 30 cm MicroCloth 

pad (Buehler, Lake Bluff, IL) and a solution of 50 nm colloidal alumina grit (MasterPrep, 

from Buehler).  To mount the buttons in the weighted vibromet sample holders, the IPD-

coated face of the combinatorial buttons was placed face-down on a surface-ground metal 

slab.  A small amount of Crystalbond 509 was melted to the exposed back of the buttons, 

and a 25 mm diameter aluminum puck was adhered onto the button via a tight-fitting die set, 

to assure that the button face of interest was parallel to the back of the adhered face.  The 

pucks with attached combinatorial buttons were then loaded into the Vibromet sample 

holders, and six at a time were polished for approximately 18-36 hours.  Periodically during 

this time, the surfaces of the buttons were inspected by optical microscopy to verify that the 

rough surface layer had been polished through.  It should be noted that a small amount of 

porosity remained in the combinatorial coatings even after solution heat treatment, but this 

was clearly distinct from any remaining surface roughness.  Polished combinatorial buttons 

were then removed from the Vibromet, rinsed in water, and the surface scrubbed gently with 



 

 62 

soap and a cotton swab to remove residual media from the polished face.  Then, 

combinatorial buttons were ultrasonically cleaned in acetone for 20 minutes to dissolve the 

Crystalbond and separate them from the aluminum pucks.  The polished faces of the buttons 

were then gently scrubbed with isopropanol and a cotton swab to help remove any residual 

polishing media that might have been incorporated from the acetone bath.  Buttons were 

then ultrasonically cleaned in isopropanol for 20 minutes, blown dry with filtered air, and 

placed into membrane boxes (Ted Pella Inc., Redding, CA).  Before oxidation, polished and 

cleaned buttons were inspected in SEM to measure the alloy composition via EDS, as well 

as to verify that there were no surface abnormalities.  If any regions of remaining surface 

roughness were identified, the buttons were re-polished on the vibromet following the same 

procedure. 

3.5.1.2 Polishing Bulk Alloy Buttons Prior to Isothermal Oxidation 

Bulk alloy samples, such as those created by arc melting, single crystal growth, or 

commercially procured were cut into a manageable size, typically similar to those of the 

combinatorial buttons.  Because there was significantly more material present than the IPD 

alloys, cuttings from bulk alloy samples were polished more rapidly by hand using SiC grit 

papers (Allied High Tech Products, Rancho Dominguez, CA).  Grinding papers were used in 

succession from 300 to 400, 600, 800, and 1200 grit respectively.  Samples were then 

ultrasonically cleaned in isopropanol for 10 minutes.  Next, polishing was conducted using 

diamond suspensions applied to a napped cloth (Buehler).  Diamond suspensions were again 

used in succession from coarse to fine, with 9 µm, 3 µm, and 1 µm respectively.  Samples 

were then ultrasonically cleaned in isopropanol for 5 minutes, and adhered to aluminum 

pucks using the same procedure as the combinatorial buttons.  As a final polishing step, the 
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cuttings from bulk alloys were polished on the Vibromet with 50 nm colloidal alumina 

suspension, and then ultrasonically cleaned in acetone for 20 minutes and isopropanol for 20 

minutes, and placed into membrane boxes.   

3.5.1.3 Polishing Bulk Alloy Buttons Prior to Cyclic Oxidation 

Cut pieces of bulk alloys prepared for cyclic oxidation were different than those used for 

isothermal oxidation in that all exposed faces of the sample must be polished to the same 

finish.  This is because samples used in cyclic oxidation were weighed after set amounts of 

cycles, with this change in weight coming from the oxidation of all exposed parts of the 

alloy.  Because of these requirements, such samples were cut into rectangular prisms, with a 

platelet-like aspect ratio.  All faces were then polished by hand using SiC grinding papers 

down to 1200 grit.   

3.5.2 Cross-Section Preparation Post-Oxidation 

After oxidation, it was often desirable to examine the TGO on top of the alloys in cross-

section.  This presented a polishing challenge as the formed oxides were often much harder, 

as well as more friable than the underlying metal.  As such, any dislodged oxide particles  

during polishing could scrape against the rest of the sample and reduce the surface finish.  

The following procedure was adopted to address this problem.  First, after oxidation, the 

TGO surface of interest was painted with a layer of low-viscosity M-bond 610 (Ted Pella) 

such that any rough oxide facets and exposed cracks were infiltrated.  The sample was then 

left to dry overnight, and the M-bonded sample was subsequently cured at 175°C for 1 h.  

This sealed the oxide surface in a hard resin layer.  The sealed samples were then embedded 

into cold-mount EpoxySet Resin (Allied) at room temperature under vacuum, and left to 

cure for at least 8 h.  After the epoxy had cured, the embedded samples were sectioned 
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normal to the oxidized face using a slow saw with a 5 in x 0.015 in x 0.5 in diamond 

wafering blade (Allied).  The sample was aligned with a shallow angle between the wafering 

blade and the TGO surface, and a light load was used on the blade to help prevent 

fragmentation of the oxide during cutting.  After the sample was sectioned, one of the pieces 

was re-embedded in cold-mount epoxy to infiltrate any exposed pores or cracks during 

sectioning. 

After the oxidized samples had been sealed, sectioned, and embedded, the resulting 

pieces were ready for polishing.  SiC grinding papers, diamond suspensions, and Vibromet 

polishing were used sequentially in a process similar to that of preparing metal samples for 

isothermal oxidation.  However, in the case of cross-sectioned oxidized samples, a 50 nm 

diamond suspension was applied to the vibromet, such that any polishing media which 

became embedded or remained in the exposed TGO/metal cross section would not confuse 

the SEM EDS analysis.   

3.5.3 Surface Preparation for Microstructure Observation 

Select alloy samples were polished without oxidation to analyze the alloy 

microstructural features themselves, such as the γ/γ’ structure.  Alloy pieces were hot-

mounted in EpoMet F compound (Buehler) pressed to 28 kPa at 120°C and held for 5 

minutes.  The face of interest was then ground in a similar manner as bulk Alloy pieces prior 

to isothermal oxidation, however a 50 nm colloidal silica solution (MasterMet, Buehler) was 

used on the vibromet as a final polishing step.  The polishing mechanism of this solution is a 

combination of both mechanical abrasion as well as chemical etching.  Thus, the 

compositional difference between the matrix and precipitates will cause different amounts of 

removal, and reveal the γ/γ’ morphology.   
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3.6 Electron Microscopy Characterization 

The great majority of analysis on both the alloys and formed oxides was done using 

scanning electron microscopy.  Select samples of interest were subsequently chosen for 

liftout by focused ion beam (FIB) and TEM analysis. 

3.6.1 Scanning Electron Microscopy 

Scanning electron microscopy was conducted using an FEI XL30 Sirion FEG Digital 

Electron Scanning Microscope (Thermo Fisher Scientific, Hillsboro, OR), an FEI Nova 

Nano 650 FEG SEM, and a ThermoFisher Apreo C LoVac FEG SEM.  Microchemical 

analysis was conducted using an attached Apollo X SDD EDS detector (EDAX Inc., 

Mahwah, NJ).  Imaging of the oxides in cross-section was typically conducted at 10 kV to 

help prevent drift of the sample.  Imaging of alloys and EDS analysis was typically 

conducted at 15 kV.   

3.6.2 Transmission Electron Microscopy 

Transmission electron microscopy was conducted using an FEI Tecnai G2 Sphera 

Microscope with EDS, and an FEI Titan 300 kV FEG TEM/STEM with EDS (Thermo 

Fischer Scientific).  Lamellae were analyzed at 200 kV on the G2 Sphera and 300 kV on the 

Titan.  Lamellae were extracted using an FEI Helios Dualbeam FIB Nanolab 650 and 

thinned down to approximately 100 nm, using progressively smaller accelerating voltages 

down to a final thinning step with 5 kV. 

3.7 Luminescence Spectroscopy Characterization 

The presence of alpha alumina was investigated using photostimulated luminescence 

spectroscopy (PSLS), performed on a LabRam Aramis spectrometer (Horiba Ltd., Kyoto, 
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Japan) with a 50x long range objective lens and a 3.3 mW 633 nm laser.  An average of 3 

measurements was taken per location, each with a dwell time of 3 seconds.  Typically, 24 

locations across the oxidized surface of a given sample were measured to gain a 

representative understanding of the material.  Occasionally, PSLS mapping was conducted 

on a T64000 Advanced Research Raman System (Horiba) with a 488 nm laser. 

3.8 Chemical Analysis 

3.8.1 Energy Dispersive X-ray Spectroscopy 

The SEM EDS measurements taken were quantified using ZAF correction on the EDAX 

Genesis software.  The energies of the commonly observed elements are given below in 

Table 3.2.  Due to the very close energies of the Cr-Lα and O-Kα, only the Cr-K peaks were 

used for quantification.  The accelerating voltages used for SEM EDS analysis were less 

than ideal to excite the Ta- and W- L peaks, such that the measurements of these elements 

via SEM were of a somewhat greater error than the other elements.  Error in EDS 

measurements compared with other chemical analysis methods will be discussed at greater 

length in Chapter 6. 

3.8.2 Electron Probe Micro Analysis 

Electron probe micro-analysis (EPMA) was conducted at 20 kV using a Cameca SX100 

and wavelength-dispersive spectroscopy (WDS) detector.  These composition measurements 

were quantified with respect to pure element standards, as well as a Co-W-Al-Cr-Ta alloy 

that had a composition verified by ICP analysis.  Comparisons between quantification 

standards will be discussed in a subsequent section, however the differences between 
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quantified results were essentially the same regardless of whether pure element or ICP alloy 

standards were used. 

3.9 Thermodynamic Calculations 

Thermodynamic calculations were used periodically throughout this study to both 

estimate the γ’ solvus temperature, as well as the potential presence of any minor tertiary 

alloy phases beyond the main γ/γ’ constituents.  Only alloy systems were calculated, no 

oxide databases were used, nor were kinetic databases (e.g. DICTRA) applied.  As 

experimental results were compiled, observations were compared with calculations to 

evaluate the accuracy of the applied database, to be presented in a later section. 

3.9.1 PANDAT Database 

The PANDAT software [110] based on the CalPhaD method [139] was used with the 

2011 version (unless otherwise noted) of the PanCobalt database [140], containing the six 

principal alloy elements of interest: Co-Ni-W-Al-Cr-Ta.  Calculations were conducted for 

individual alloy compositions across varying temperature to determine the γ’ solvus 

temperature.  The accuracy of the database was validated by comparing γ’ solvus and 

solidus calculations with experimentally measured values, and were typically within 50°C as 

shown in Figure 3.4.  Additionally, phase equilibria were calculated and plotted as 

isothermal, isoconcentrate (ITIC) sections on Gibbs triangles.  

3.9.2 First Principles Calculations 

Relevant first principles calculations were conducted by another student involved in Co-

alloy research (Robert Rhein).  Calculations of formation energies were performed to assess 

the effects of alloying additions on the chemical potential of the different components.  
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These calculations were performed for several hundred distinct FCC structures in the Co-Al-

W and Ni-Al-W ternary systems using the Vienna ab initio simulation package (VASP) 

[141,142] and the Perdew, Burke, and Ernzerhof (PBE) generalized gradient approximation 

[143].  The cluster expansion statistical mechanics (CASM) formalism [144–147] was used 

to fit the calculated energies to obtain an expression for formation energy as a function of 

composition and local ordering.  Subsequent Monte Carlo simulations were performed on 

the cluster expansion in order to obtain elemental chemical potentials as a function of 

composition at elevated temperature. 

In addition, the potential ordering of possible oxide scales was predicted for limited 

combinatorial alloys.  To do so, the formation energies of α-Al2O3 and other oxides relevant 

to Co-base alloys were obtained from the Materials Project database [148]. The oxide 

formation energies, 𝒈, were then modified to obtain a new characteristic potential, φ,  

 𝜙 = 𝑔 − 𝜇Ο𝑁Ο (3.1) 

where µO is the oxygen chemical potential and NO is the number of oxygen atoms in the 

chemical formula. This new potential was minimized at increasing oxygen chemical 

potentials to assess the most thermodynamically stable sequence of oxide formation for 

several Co-Ni-W-Al-Cr-Ta compositions.  
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3.10 Figures and Tables 

Table 3.1: Composition of the source cathodes used in IPD alloy synthesis  
measured  by inductively coupled plasma spectroscopy (ICP). 

 Co  
(at.%) 

Ni  
(at.%) 

W  
(at.%) 

Al  
(at.%) 

Cr  
(at.%) 

Ta  
(at.%) 

S  
(ppmw) 

Ni:Co 
(at.) 

Substrate 79.7 0.0 6.7 8.9 3.3 1.5 0.5 0:1 

Cathode 1 77.1 0.0 5.9 12.2 3.4 1.4 3 0:1 

Cathode 2 33.5 35.4 11.8 14.4 3.4 1.5 2 1:1 

Cathode 3 30.0 29.3 6.0 11.8 21.5 1.4 4 1:1 

Cathode 4 40.9 40.4 0.0 13.8 3.5 1.4 1 1:1 

Cathode 5 33.4 34.6 6.5 20.7 3.4 1.4 1 1:1 
 

Table 3.2: EDS Energies of the α peaks of the  
most commonly observed elements [149]. 

(keV) C N O Al Cr Co Ni Ta W 

K α 0.277 0.392 0.523 1.486 5.414 6.929 7.477 57.450 59.305 

L α - - - - 0.573 0.776 0.851 8.145 8.396 

M α - - - - - - - 1.709 1.774 
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Figure 3.1: Arrangement of the substrate buttons during combinatorial deposition relative to 
the source cathodes. 
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Figure 3.2: Backscattered electron micrographs of the IPD combinatorial coatings in 
the as-deposited state (a), and after solution heat treatment and surface polish (b).  
The coatings prior to oxidation (b) are thus homogenized, dense, and have a 0.05 µm 
surface finish, leaving ~100 µm of coating material for experimentation, which will 
contain the entire oxidation region [150].  Copyright 2016 by The Minerals, Metals 
& Materials Society, used with permission. 
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Figure 3.3: Example temperature profile of one cycle during cyclic thermal exposure. 
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Figure 3.4: Solidi and γ’ solvi in senary Co-Ni-W-Al-Cr-Ta alloys measured experimentally 
by DTA, compared with PanCo-2011 thermodynamic predictions.  The database generally 
appears to under-predict both values by ~50°C. 
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4 Preliminary Studies of Co-γ/γ’ Alloys 

 
Prior to the extensive combinatorial study discussed in Chapter 6, three developmental 

Co-base γ/γ’ superalloys were cast by collaborators at GE Global Research to explore the 

feasibility of achieving desirable mechanical properties with reasonably adequate oxidation 

resistance.  These alloys were designed using the more ‘traditional’ route of outlining 

desirable composition regions based on prior experimental evidence, and generating a 

limited series of materials for testing.  While such a strategy is often useful in industrial 

practice, it makes it difficult to develop a thorough scientific understanding of the 

phenomena underpinning the material behavior.  It will be shown in this section that it is 

non-trivial to achieve protective alumina-forming behavior in novel Co-base γ/γ’ alloys.  As 

a consequence, the oxidation behavior of these alloys was not exhaustively characterized but 

used to motivate a more comprehensive investigation based on a combinatorial approach, to 

be discussed in chapters 5 and 6. Investigations of the developmental alloys also served to 

validate the use of the characterization and computational techniques proposed to analyze 

experimental Co-γ/γ’ alloys, and to catalogue frequently observed oxide morphologies. 

4.1 Experimental Details 

Three developmental Co-base alloys with the compositions shown in Table 4.1 were cast 

using vacuum induction melting.  These alloys will be referred to as B (for baseline), B+Y, 

and B+Y+Mo, where Y and Mo are alloying additions.  It is of note, however, that there are 

substantial differences in the other alloying additions as well (e.g. Ni:Co ratio, Cr and Ta 

contents, etc.).  Therefore, changes in behavior between alloys cannot be ascribed solely to 

the Y and/or Mo contents.  The three alloys were received from GE Global Research in the 
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heat-treated condition, comprising solutioning at 1200°C for 4 h, followed by aging at 

950°C for 50 h.  Alloys were cut into buttons 15.5 mm diameter and 2.5 mm in height, 

ground to 800 grit finish and ultrasonically cleaned in acetone and isopropanol, each for 20 

minutes.  A button of Ni-base René N5 was similarly prepared for comparison with the Co 

alloys.  All buttons were then oxidized in either filtered air or gettered Ar at 1100°C for a 

prescribed amount of time, as described in Chapter 3.  Analysis was conducted using 

scanning electron microscopy (SEM), Photostimulated luminescence spectroscopy (PSLS), 

dilatometry, and optical imaging.  Because the PanCo-2011 database used for the 

thermodynamic calculations included only six elements: Co, Ni, W, Al, Cr, and Ta, the 

compositions of the higher order alloys were modeled by normalizing them into the senary 

space keeping the atomic ratios constant.  

4.2 Results 

The microstructures of the developmental Co-base alloys were analyzed by backscatter 

SEM in the heat-treated state prior to oxidation, shown in Figure 4.1.  The samples were 

found to be all polycrystalline, with γ grain sizes on the order of ~50-250 µm.  The only 

minor phases detected beyond γ and γ’ were carbides along the grain boundaries (Figure 

4.1c).  While all three developmental Co-base alloy exhibit a substantial fraction of the 

strengthening γ’ phase, it is notable that the precipitates are somewhat rounded in all cases.  

It is also of interest that despite the stabilizing effects of Ni and Ta additions, all three Co-

base alloys have fairly low γ’ solvus temperatures (Table 4.2) also attributable to the 

significant amounts of destabilizing Cr added.  For the purposes of verifying the accuracy of 

the PanCo-2011 database, the solvus temperatures of these alloys were calculated by 

normalizing alloy compositions into the Co-Ni-W-Al-Cr-Ta senary space covered by the 
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database.  Comparing these calculations with experimental DTA values (Table 4.2), it is 

observed that the PanCo-2011 predictions lie within a reasonable margin of error, 

approximately ±50°C of the experimental values (Figure 3.4). 

After oxidation for 1 h in air at 1100°C, the Co-base samples appeared to have formed a 

variety of different oxides, with clearly observed spallation in the case of the B and 

B+Y+Mo alloys (Figure 4.2).  The oxide scales present are more easily compared in the 

cross-sectioned samples, shown in Figure 4.3.  In this view, the layered oxide morphologies 

are clearly seen, with a stark difference between the Ni-base René N5 and the developmental 

Co-base alloys.  While René N5 generates a thin, continuous layer of Al2O3 after 1 h in air at 

1100°C, all three Co-base alloys instead form internal Al2O3 particles (feature 1), which are 

non-protective.  The alumina IOZ is seen within a metal matrix in the Base and B+Y 

samples, while the B+Y+Mo had an IOZ within a metal matrix near the oxidation front, but 

a matrix consisting of W-rich oxide closer to the surface (feature 4).  Spallation was often 

observed at the top of this layer in the B+Y+Mo sample.  Above these IOZ regions were 

W/Ta-rich oxides and (Co,Ni)(Cr,Al)2O4 spinel.  Alloy B forms these phases as distinct 

layers, while the B+Y and B+Y+Mo alloys form a mixed layer of W/Ta-rich oxide particles 

embedded within the spinel.  Finally, the samples with the greater amounts of oxide, B+Y 

and B+Y+Mo contained an outer monoxide layer (Co,Ni)O.  Viewed from the surface, this 

outer monoxide had a characteristic faceted morphology (Figure 4.4), which is easily 

identifiable in optical microscopy as well. 

Oxidized buttons were then analyzed via PSLS to determine whether this technique is 

able to distinguish samples where α-Al2O3 forms a continuous layer vs. those that form an 

alumina IOZ.  To establish a reference for comparison, a piece of polycrystalline α-Al2O3 
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was scanned in addition to the alumina scale-forming René N5 button (Figure 4.5).  As 

expected, the α-Al2O3 exhibited only the characteristic corundum doublet at ~1.44 µm-1 [83].  

René N5 exhibited both doublets from the stable α-Al2O3 and metastable θ-Al2O3 at ~1.44 

and ~1.46 µm-1 respectively, as well as NiO peaks at ~1.43 and 1.47 µm-1 [151].  

Conversely, the three Co-base alloys often exhibited the NiO peaks, but typically did not 

show the α-Al2O3 doublet (Figure 4.6a).  The only case where the alumina doublet was 

visible on the Co-base alloys oxidized for 1 h in air was within the regions of the B+Y+Mo 

sample where the outer (Co,Ni)O had spalled off (darker regions in Figure 4.2).  In an effort 

to identify the origin of oxide spallation, the CTE of the alloys was measured by dilatometry 

to assess the thermal-mismatch induced stresses between TGO alumina and the metal 

substrates (Figure 4.7).  All three Co-base alloys were observed to have a significantly 

greater CTE than René N5, especially at the oxidation temperature 1100°C. 

After it was evident that the Co-base alloys did not form a continuous alumina scale in 

air at 1100°C, samples were oxidized in gettered Ar (~10-10 ppm O2) to minimize the 

tendency to form less stable oxides and promote the formation of α-Al2O3.  After this low-

PO2 oxidation, samples appeared grey upon optical inspection (Figure 4.2), with apparently 

more uniform scales.  However, significant spallation was still observed on the Base alloy.  

Despite this, all compositions demonstrated primarily α-Al2O3 formation detectable on the 

surface of the sample (Figure 4.8) by strong doublets in the PSLS spectra (Figure 4.6b).  The 

surface topology of all TGO alumina formed in the low-PO2 condition appeared web-like, 

similar to that observed by Tolpygo et al. due to preferential diffusion and growth along 

oxide grain boundaries [71]. 
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Lastly, a series of short-time oxidation exposures were conducted on the Base alloy to 

provide insight into the sequence of oxide formation (Figure 4.9).  In this series, small 

particles of internal Al2O3 nucleate rapidly within the metal matrix by 3 minutes, with a 

small amount of overlying spinel.  As time progresses to 10 minutes, these particles coarsen, 

the overlying spinel layer grows, and in between the two a layer of W/Ta-rich oxide forms.  

As the system progresses to 1 h, the IOZ particles continue to grow and coarsen, while the 

overlying layers grow in thickness. 

4.3 Discussion 

Since one of the primary purposes of these developmental alloys was to assess the 

feasibility of oxidation resistance in Co-base γ/γ’ alloys, it is of interest to understand the 

marked differences in spallation behavior among the different samples.  Notably, extensive 

spallation is observed in the Base alloy leading to many areas of the metal substrate being 

exposed both after the 1 h exposure in air and the exposure to low PO2 (Figure 4.2).  One 

may hypothesize that oxide scales may have formed and subsequently spalled off above 

those shown in Figure 4.3(b).  The spallation is likely driven by the CTE mismatch between 

the substrate and the TGO layers and the ensuing thermal stress and energy release rate 

(ERR) in the scale, which increase with the oxide thickness.  While the oxide scale in the 

Co-base alloys after exposure to air is a complex system of multiple phases, one of the 

primary constituents is spinel, which also has a significantly lower CTE than the base alloys, 

but not as low as alumina (Figure 4.7).  Therefore, it is inferred that the reason for the more 

abundant spallation in the developmental Co-alloys than in René N5 is that the scale formed 

is much thicker in the former (Figure 4.3), even though the CTE mismatch is higher in the 

latter (Figure 4.7).  Reactive element additions are known to increase TGO adhesion in Ni 
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and Fe alloys that form alumina scales, thus requiring a greater ERR to drive spallation.  The 

same effect is present in these Co alloys, as the B alloy spalls much more readily than the 

related alloys with Y additions.  While the B+Y+Mo appears to spall more readily than the 

B+Y sample notwithstanding the same Y content, the scale on the former is considerably 

thicker as shown in Figure 4.3, leading to a greater ERR.  In the samples oxidized for 9 h in 

a low PO2 environment, the alumina scale formed should be much thinner, and as such none 

of the samples with Y spall (Figure 4.2).  RE additions will later be applied to address 

spallation on Co-base alloys in Chapter 7. 

The PSLS measurements suggest the viability of using this technique to ascertain the 

presence of α-Al2O3 in a scale, a strategy that will be explored more extensively in Chapter 

5.  The polycrystalline α-Al2O3 piece, René N5 oxidized for 1 h in air (Figure 4.5), and three 

developmental alloys oxidized for  in low PO2 all exhibited a clear doublet at ~1.44 µm-1 

indicative of α-Al2O3 (Figure 4.6). René N5 also exhibited a doublet for the metastable θ-

Al2O3 and peaks for the NiO, though NiO was not readily observed on the sample surface.  

In contrast, α-Al2O3 was not detected in the Co-base alloys oxidized for 1 h in air, which is 

consistent with the observation that alumina is present only in the IOZ as isolated particles 

embedded in metal that is opaque to the probing laser (Figure 4.3).  One exception is the 

B+Y+Mo sample, where the α-Al2O3 signal was occasionally detected.  This is explained by 

the fact that the IOZ particles are partially embedded in oxide, above which spallation 

occurs (Figure 4.3).  Such spallation can expose the embedded alumina particles to detection 

from the surface, and this is confirmed by the fact that the PSLS spectra where α-Al2O3 was 

detected were consistently arising from spalled areas of the button.  One can hypothesize 
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that the detection of alumina by PSLS may depend on the translucency of the oxides 

surrounding or overlying it, as further elaborated in Chapter 5.  

The oxidation studies on the developmental alloys reveal that the formed Al2O3 

morphology is highly important; the discontinuous IOZ alumina is clearly non-protective, 

allowing the formation and continued growth of the undesirable overlying oxides.  In 

contrast, the René N5 sample is able to form a thin, continuous Al2O3 scale that precludes 

the formations of similarly thick, undesirable oxides.  In the context of Wagner’s model of 

internal oxidation [42,62,152], it is of interest to measure the phase fraction of the alumina 

observed within the IOZ, as this should be below the critical fv* value required to induce the 

transition to a continuous scale (as described in Chapter 2).  The approximate phase 

fractions of the IOZ at various depths were assessed using ImageJ [153] segmentation, 

shown in Figure 4.10.  The following notable observations emerge from this assessment.  

First, the traditional approximation of fv* ≈ 0.3 [154] is obviously inapplicable in the current 

materials, as many locations within the various IOZs exceed this amount without 

transitioning to continuous scales.  This discrepancy is likely attributable to factors in the 

present alloys not explicitly included in the classical Wagner model, notably the well-

documented enhanced diffusion of oxygen along alumina-metal interfaces [155,156]. 

It is useful in the context of the above discussion to calculate the approximate volume 

fraction of alumina expected if all of the Al present in the alloy were to oxidize into Al2O3.  

While the lattice parameters for the preliminary alloys were not measured, an approximate 

value was taken to be aγ’ = 0.359 nm based off the similar Co-30Ni-10Al-7.5W at.% alloy 

investigated by Shinagawa et al [19].  Using this value to calculate the Pilling-Bedworth 

Ratio (PBR) and subsequently the vol.% of alumina expected after oxidation ([157]): 
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 (0.359 𝑛𝑚)! ∗ 24 ∗ 𝑁! = 13.93 𝑐𝑚3

2𝑚𝑜𝑙 𝐴𝑙  (4.1)
  

 PBR!’→!!!"#$%&! = 25.59 𝑐𝑚3

1𝑚𝑜𝑙 𝛼−𝐴𝑙2𝑂3
   13.93 𝑐𝑚3

2𝑚𝑜𝑙 𝐴𝑙 = 1.83   (4.2) 

 
 1.83 ∗ 8.6 𝑎𝑡.% 𝐴𝑙  1.83 ∗ 8.6 𝑎𝑡.% 𝐴𝑙 + 91.4 𝑎𝑡.% 𝑀𝑒𝑡𝑎𝑙 ≈ 15 𝑣𝑜𝑙.%   (4.3) 
   

The calculations are conducted as follows: the volume of one alloy unit cell is determined 

from equation (4.1).  There are 4 atoms per unit cell, and 2 are desired (two Al atoms to 

form one Al2O3). The volume of 1 mole α-Al2O3 is divided by the volume of the constituent 

2 moles of Al in the alloy, to arrive at the PBRγ’→α-alumina using equation (4.2). This PBR is 

then applied to the concentration of Al in the alloy to find the volume fraction of alumina 

after oxidation using equation (4.3).  This 15 vol.% does not change by more than ~1 

percentage point regardless of whether the lattice parameter for γ metal is used instead of 

that for γ’, nor if the molar volumes of θ- or γ-Al2O3 [52] are used instead of α.  The 

calculations using such different parameters are considered in Table 4.3 and Table 4.4, 

demonstrating that the phase fraction of Al2O3 expected does not appreciably change, yet is 

much lower than the experimentally observed values.  Compared to these predicted values, it 

is seen that all of the regions within the IOZ of all Co samples exhibit an alumina phase 

fraction greater than 15 vol.%, implying that there is substantial outward diffusion of Al 

solute from the bulk to the IOF during oxidation.  This is a reasonable conclusion since the 

content of Al in the bulk alloy is significant, likely leading to an Al depletion zone in the 

alloy.  Appreciable solute diffusion from the alloy bulk leading to an increase in IOZ phase 

fraction has also been reported by other authors [155,158].  

Overall, many of the oxide features observed will also be seen in later sections, and it 

will be important to understand the relevant processes of formation in order to achieve more 
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desirable oxidation behavior.  However, the large number of components and variety of 

oxide features in the present samples make it difficult to definitively outline such 

mechanisms of formation without substantial and in-depth analysis.  Indeed, as shown by the 

calculations in this chapter, the oxidation behavior is not adequately described in a 

quantitative manner by current models for internal oxidation.  Therefore, a more systematic 

combinatorial study was pursued, presented in Chapter 6.  

4.4 Synopsis 

The studies presented in this chapter act as a prelude to the more in-depth analyses 

conducted in subsequent chapters.  Investigating these three preliminary Co-base alloys in 

comparison with Ni-base René N5 suggests that achieving alumina-forming behavior 

simultaneously with a high γ’ solvus temperature is non-trivial for this new Co system.  As 

such, the primary focus going forwards will be to identify regions of compositions space 

allowing reasonable alumina scale formation, and subsequently look within that space to 

identify samples also achieving a high γ’ solvus and desirable mechanical properties.  To do 

so will require a more fundamental understanding of how Co alloy composition affects 

oxidation behavior.  While the three preliminary Co alloys begin to show the extent to which 

alloy composition can change TGO formation, the oxides seen are too complicated and there 

are too many variables between test alloys to gain clear knowledge of the impacts of 

individual elements.  As such, subsequent work should vary alloy composition much more 

systematically. 
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4.5 Tables and Figures 

Table 4.1: Compositions of the preliminary alloys in atomic %. 
Alloy Co Ni Al W Cr Ta Mo C B Y 

Base 43.61 27.41 8.82 5.60 12.37 1.88 - 0.27 0.03 - 

B+Y 42.84 30.08 8.64 5.44 8.97 3.68 - 0.28 0.03 0.04 

B+Y+Mo 42.37 32.00 8.55 5.56 7.60 2.55 1.03 0.27 0.03 0.04 
 

Table 4.2: Experimentally measured γ’ solvi (DTA) vs. those  
calculated by the PanCo-2011 database for the three Co-base alloys. 

 Base B+Y B+Y+Mo 

DTA γ’ Solvus (°C) 1035 1118 1090 

PanCo-2011 (°C) 1069 1078 1069 
 

Table 4.3: Pilling Bedworth Ratio calculations for the formation of  
various Al2O3 polymorphs from γ and γ’ alloy phases [19,52] 

PBR 
α-Al2O3 
(25.59 

cm3/mol) 

θ-Al2O3 
(28.21 

cm3/mol) 

γ-Al2O3 
(27.9 

cm3/mol) 

γ (A1) 
(a = 0.3587 nm) 1.84 2.03 2.01 

γ’ (L12) 
(a = 0.3576 nm) 

1.86 2.05 2.03 
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Table 4.4: Calculations of the expected Al2O3 phase fraction, assuming no  
Al flux, using PBR values from Table 4.3, in comparison with  

experimentally measured phase fractions (Figure 4.10) 

Alloy Phase α-Al2O3 θ-Al2O3 γ-Al2O3 
Ave. Al2O3 
Observed 

Base 
(Al = 8.82 at.%) 

γ (A1) 15% 16% 16% 
28% 

γ’ (L12) 15% 17% 16% 

B + Y 
(Al = 8.64 at.%) 

γ (A1) 15% 16% 16% 
28% 

γ’ (L12) 15% 16% 16% 

B + Y + Mo 
(Al = 8.55 at.%) 

γ (A1) 15% 16% 16% 
30% 

γ’ (L12) 15% 16% 16% 
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Figure 4.1: SEM BSE micrographs of the preliminary cast alloys after solution and ageing 
heat treatments [150].  (a) the γ/γ’ microstructure is clearly seen in all alloys, albeit 
somewhat rounded (b) all cast alloys were polycrystalline with ~50-250 µm grains, and (c) 
small phase fraction of carbides primarily along grain boundaries.  Copyright 2016 by The 
Minerals, Metals & Materials Society, used with permission. 
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Figure 4.2: Optical macro images of the preliminary Co alloy buttons after oxidation under 
different conditions at 1100°C.  Oxide spallation is most significant on the Base alloy, and 
least on the B+Y alloy. 
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Figure 4.3: Backscattered electron images of cross-sections of the TGO on (a) Ni-base René 
N5 and (b-d) the three preliminary Co-base alloys after 1 h air 1100°C exposure [150].  
Features are labeled according to EDS analysis: (0) mounting epoxy, (1) Al2O3, (2) alloy, (3) 
(Co,Ni)(Cr,Al)2O4 spinel, (4) W/Ta-rich oxide, (5) (Co,Ni)O, (6) Cr2O3. Copyright 2016 by 
The Minerals, Metals & Materials Society, used with permission. 
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Figure 4.4: Secondary electron micrograph of the characteristic faceted morphology of outer 
(Co,Ni)O oxide frequently observed on the surface of oxidized Co-alloys.  The monoxide in 
this figure is from the B+Y alloy after 1 h air 1100°C (Figure 4.3 feature 5). 

 
 

 
Figure 4.5: PSLS measurements of (a) a polycrystalline α-Al2O3 plate, and (b) Ni-base 
commercial alloy René N5 after 1 h air 1100°C [159].   
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Figure 4.6: PSLS measurements of the preliminary Co alloys after (a) 1 h air 1100°C 
exposure and (b)  low pO2 exposure, often displaying the α-Al2O3 doublet at ~1.44 µm-1. 
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Figure 4.7: Mean CTE as measured by dilatometry of the three preliminary Co-base alloys 
in comparison with Ni-base René N5 and polycrystalline α-Al2O3.  Alumina was used as the 
calibration material, and is also the desired TGO to be in contact with the underlying metal 
substrate.  It is of note that the three Co-base alloys only generated α-Al2O3 under low PO2 
conditions.  The mean CTE of CoAl2O4 is also marked, as reported by [160]. 
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Figure 4.8: Backscatter SEM micrographs of the surfaces of the (a) Base, (b) B + Y, and (c) 
B + Y + Mo alloys after  1100°C low PO2 exposure.  All samples consisted predominantly of 
Al2O3 (web-like dark grey), with the exception of the Base alloy which had little alumina 
scale left (dark grey/black) on top of the alloy surface exposed by spalls (white and lighter 
grey). 
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Figure 4.9: Backscattered electron images of the baseline alloy in cross-section after 
exposure to air at 1100°C for various times [150].  Features are labeled according to EDS 
analysis: (*) Ni plating, (0) mounting epoxy, (1) Al2O3 particles observed to initially 
nucleate internally within the alloy matrix by 3 minutes, (2) the alloy, (3) non-protective Co-
containing oxide scale formed by 3 minutes, (4) W/Ta-rich oxide formed between 3 and 10 
minutes. Copyright 2016 by The Minerals, Metals & Materials Society, used with 
permission. 
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Figure 4.10: ImageJ analysis of the alumina (black) phase fractions at different depths 
within the IOZs of the three Co-base alloys after 1 h air 1100°C. 
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5 Validation of PSLS as Screening Methodology for Alumina Formation 

The need for a combinatorial approach to explore systematically the oxidation behavior 

of senary Co-based γ/γ’ alloys to identify promising areas in composition space for design of 

improved alloys was established in the previous chapter and will be elaborated in Chapter 6.  

An effective combinatorial high-throughput exercise, however, requires a rapid screening 

approach to identify those samples that exhibit promising behavior in the performance 

target, in this case the ability to form a continuous alumina layer during short term (1 h) 

oxidation at 1100°C.  Preliminary work on the developmental alloys suggested photo-

stimulated luminescence spectroscopy (PSLS) can detect α-Al2O3 at the surface through its 

characteristic doublet in the spectrum.  However, it is not clear what its capabilities are when 

alumina is covered with other oxides, especially if they are much thicker, and whether the 

alumina detected is continuous or not.  These issues are examined in the present chapter to 

ascertain the capabilities of the technique and its potential use on the combinatorial 

oxidation study in Chapter 6. 

The current chapter describes the PSLS response of 50 different Co-base alloys, René 

N5, and a few model systems of oxide layers deposited on bulk α-Al2O3.  The 50 Co-base 

alloys herein are a subset of 234 total samples produced using a combinatorial ion plasma 

deposition (IPD) technique discussed in the next chapter.  For the purposes of the present 

discussion, it is asserted that these Co alloys cover a relevant range of different compositions 

and thermally grown oxide (TGO) layers, as well as of different PSLS responses.  It will be 

demonstrated that the PSLS approach is not only valid for identifying alloy compositions 

with promising oxidation behavior, but that this capability depends on overlying oxide 

thickness and composition. 
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5.1 Characteristic PSLS signals for phases of interest 

As noted earlier, the presence of α-Al2O3 in the PSLS spectrum is characterized in the 

presence of the R-line doublet at 1.442 µm-1 and 1.445 µm-1.  In addition, there are 

characteristic PSLS signals for the metastable polymorphs of alumina, notably θ-Al2O3 with 

doublet peaks at approximately 1.458 µm-1 and 1.465 µm-1 [82,116].  γ-Al2O3 also exhibits a 

PSLS signal with a broad, indistinct hump at approximately 1.45 µm-1, with greater 

intensities at lower wavenumbers (Figure 5.1) [83].  Finally, other oxide phases also 

generate distinct PSLS signals, notably those arising from the rock salt NiO phase.  These 

peaks are due to vibrational interactions, and are thus present at set shifts from the incident 

light.  A two-phonon peak is present at a shift of ~0.11 µm-1, and a two-magnon peak is 

located at a shift of ~0.15 µm-1 [151].  These peaks for the Al2O3 polymorphs and NiO tend 

to dominate the PSLS spectra in many of the samples examined in this chapter.  Since the 

primary purpose of PSLS screening was the identification of oxide phases present, the 

stress-states of the alumina was not considered here. 

5.2 Experimental Details 

Three libraries comprising 234 alloy samples across Co-Ni-W-Al-Cr-Ta composition 

space were generated using a high-throughput combinatorial synthesis technique based on 

ion-plasma deposition (IPD) [137], as described in Chapter 3.  The details of these libraries 

are not critical for the present discussion but will be explored in depth in Chapter 6.  Briefly, 

the specimens consisted of ~110 µm alloy layers deposited on 2.5 mm thick by 12.5 mm 

diameter substrates of approximate composition 79Co-9Al-7W-3Cr-2Ta (at.%).  The 

generated alloys spanned approximate composition ranges 0.1-1.1 atomic ratio Ni:Co, 7-15 

at.% Al, 2-10 at.% W, 1-9 at.% Cr, and ~3 at.% Ta.  The surfaces of these buttons were 
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prepared using a vibratory polisher (VibroMet™) with 0.05 µm alumina suspension, and 

subsequently oxidized for 1h in air at 1100°C yielding a variety of oxide phases and 

microstructures. The compositions of the alloys discussed in this chapter are summarized in 

Table 5.1, and the compositions of all combinatorial buttons measured experimentally are 

listed in the Appendix.  A button of commercial Ni-base alloy René N5 was also oxidized 

under the same conditions for comparison.    

Oxidized samples were screened for the presence of α-Al2O3 using PSLS conducted on a 

LabRam Aramis spectrometer (Horiba Ltd., Kyoto, Japan) with a 50x long-range objective 

lens and a 3.3 mW, 633 nm laser with approximately 5 µm incident spot diameter.  Two 

perpendicular lines of 12 measurements each, 1 mm apart and 9 s in duration, were taken 

across the oxidized surface of each combinatorial button.  Each button was then 

characterized by what fraction of the 24 PSLS measurements, φ, exhibited the presence of 

the α-Al2O3 doublet.  The relative intensity of the α-Al2O3 doublet was not ascribed 

particular significance, as long as the doublet was detectable, owing to the multiple factors 

that may influence the signal (notably the thickness and optical properties of the overlying 

oxides, as well as light scattering on grain boundaries, reflecting off surface facets of the 

surface oxide, etc.).  Measurements taken on a polycrystalline stress-free α-Al2O3 wafer 

were used as a baseline.  Reference PSLS measurements were also collected from oxides 

grown at 1100°C in air on commercially pure (>99%) Co, Ni, W, Cr, and Ta, as well as 

commercial CoWO4 and NiWO4 powders (Alfa Aesar, Tewksbury, MA).   

Based on the results from the PSLS screening, a group of 50 oxidized samples were 

cross-sectioned and analyzed to establish relationships between luminescence signal and 

scale thickness.  ImageJ software [153] was used to segment the oxide scale from BSE 
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micrographs of the samples in cross-section, and automatically calculate the average scale 

thickness from over 4000 measurements along ~2 mm of exposed sample length.  While 

manually determining the segmentation values for gray-scale pixels is somewhat subjective, 

two separate segmentations of the same micrographs yielded reproducible thickness values, 

with changes on the order ~0.5 µm between segmentations.  Such changes due to 

segmentation differences are especially minimal considering the typical standard deviation 

of oxide thicknesses within a single micrograph were on the order of ~1.5 – 4.5 µm. 

To assess the translucency of various oxides to the optical signal, thin oxide films were 

created by electron-beam deposition of layers of metallic Co and/or Ni on alumina 

substrates, followed by oxidation at 1000°C or 1100°C, respectively.  (A thin Au-Pd film 

was first deposited on the substrate to improve adhesion of the metallic layers.)  An initial 

PSLS evaluation was then conducted on the surface of the samples to determine if the 

underlying α-Al2O3 was observable through the entirety of the Ni/Co oxide scale.  

Following this surface evaluation, the samples were embedded in epoxy and either cross-

sectioned with a diamond wafering blade to evaluate the oxide layer thickness and 

morphology, or polished at a small angle tilt such that PSLS spectra could be acquired at 

various oxide thicknesses. 

5.3 Results 

5.3.1 Reference Oxides 

Reference luminescence spectra from α-Al2O3 were shown in Figure 4.5.  These include 

the bulk alumina surface, pristine or coated with a thin sputtered Au-Pd film, and from the 

TGO on René N5 after 1h in air at 1100°C.  (These can be compared with the standard 
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spectra in Figure 5.1).  The metal film did not seem to hinder the intensity of the signal, and 

the α-Al2O3 doublet is clearly evident on René N5, together with θ-Al2O3 and NiO peaks.  

Spectra of thermally grown oxides from single elements and tungstate powders are shown in 

Figure 5.2 to help identify any peaks that might interfere with the detection of the α-Al2O3 

doublet.  Among the oxides characterized, only NiO exhibited distinct peaks within the 

frequency range of interest, in agreement with literature reports [151].  Notably, the 

measurements taken from CoO does not appear to have any pronounced signal- and the 

measured spectrum is fairly flat.  Both CoWO4 and NiWO4 were found to have no 

outstanding peaks as well.  However, a plethora of other mixed oxides have the potential to 

be present as TGO on these senary alloys, and may produce PSLS signals not accounted for 

in this initial reference screening.   

5.3.2 Combinatorial Samples 

Figure 5.3 and Figure 5.4 show high and low magnification images of oxidized samples 

illustrating the range of behaviors observed in PSLS, from samples wherein all 24 

measurements showed the α-Al2O3 doublet (φ=1) (Figure 5.3a’), to those wherein none had 

detectable α-Al2O3 (Figure 5.3c’, Figure 5.4d’).  In all cases the PSLS measurements were 

taken with the excitation beam normal to the surface of the scale. Figure 5.3 shows that the 

scales are multi-layer and generally much thicker than those measured on the René N5 

specimen, i.e. . 

Samples in which the α-Al2O3 doublet was detected in the majority of the 24 individual 

PSLS spots for each alloy tended to have thinner scales, which were consistently underlain 

by a continuous layer of alumina as illustrated in Figure 5.3(a).  PSLS peaks for NiO were 

  !
>1µm
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generally not detected, in spite of the overlaying (Co,Ni)O layer, although θ-Al2O3 was 

sometimes observed (labeled in Figure 5.3a’).  Furthermore, samples with a visible θ-Al2O3 

signal also had a greater intensity of the spectrum at 1.42 µm-1 compared with that at 1.48 

µm-1.  This is ascribed to the likely presence of some γ-Al2O3, which exhibits a broad peak 

at the lower wavenumbers [83].   

Conversely, samples wherein few or none of the measurements showed α-Al2O3 (φ→0) 

exhibited much thicker scales, often above 20 µm.  Some of these samples were found to 

contain a continuous alumina layer, albeit under large amounts of other oxides.  This group 

also included cases where alumina formed as internal particles instead of a continuous scale 

at the lowest portion of the oxidized region, such as Figure 5.3(c).  A slowly rising, low-

intensity signal was occasionally observed in some samples at high wavenumbers ~1.48 

µm−1 (Figure 5.3b’, c’, and Figure 5.4a’), which could not be ascribed to any of the 

investigated oxide phases in Figure 5.2. 

Samples with an intermediate percentage of PSLS measurements showing α-Al2O3 

typically had microstructures similar to those of Figure 5.3(b).  Transitions in the 

luminescence response, from samples with all measurements showing α-Al2O3 to those with 

no detectable α-Al2O3, were found to occur within a relatively narrow range of scale 

thickness (approximately 10 µm to 14 µm).  Figure 5.4 illustrates these behaviors; all four 

scales appear very similar microstructurally, yet display PSLS responses exhibiting α-Al2O3 

ranging from 0 to 21 out of 24 measurements (0 ≤ φ ≤ 0.875).  The microstructural features 

and PSLS responses for these four samples are summarized in Table 5.2.  It is noted that the 

overlying monoxide layer thickness is approximately the same for all samples, as is the bulk 
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alloy Cr content.  However, the extent of α-Al2O3 detection and intensity appears to increase 

with the Ni:Co ratio of the monoxide layer, which approximately tracks the concomitant 

increase in the same ratio of the bulk alloy. 

The microstructural features observed across the different types of samples are also 

described in detail in Figure 5.3, where different layers are labeled with numbers.  These 

microstructural features will also be further discussed in Chapter 6. (Co,Ni)O (B1, rock-salt) 

is present in most samples, and when present it is always the outermost (1) and frequently 

the thickest layer in the scale.  A much thinner spinel layer (2) is typically observed below 

the monoxide, in some cases forming a mixed layer with other oxides.  The spinel lies over a 

layer of W-rich oxide (3) identified as (Co,Ni)WO4 based on SEM/EDS analyses and 

frequently incorporating Al-rich oxide particles.  As the most stable oxide, Al2O3, is found at 

the bottom of the scale, either as a continuous layer (4) or as an internally oxidized zone 

(IOZ) within metal depleted of Al (5) and above the remaining bulk alloy (6).  Such discrete 

alumina particles have been shown to also generate the α-Al2O3 signal in PSLS 

measurements on a sample with no continuous alumina when the IOZ is exposed to the 

laser, e.g. in a polished cross section [150,161].   

Occasionally, pockets of IOZ are found undercut by a continuous Al2O3 layer, directly 

below the W-rich oxide; the oxide particles may be dispersed within either a Ni-enriched 

alloy matrix, or else within (Co, Ni)-rich oxide.  For the purposes of determining oxide scale 

thickness, regions of undercut IOZ were included in the overall scale thickness regardless of 

the degree of oxidation of the matrix.  The rationale is that oxidation would continue to 

rapidly consume material around the discrete oxide particles until that reaction front reaches 
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the continuous Al2O3 scale.  The implication is that an IOZ undercut by Al2O3 is arguably a 

more desirable morphology than one wherein only the metal substrate is present below.  

Average thickness data taken from cross-sections were combined with the PSLS 

measurements from the button surfaces and plotted in Figure 5.5.  The abscissa is defined on 

the basis of an integer number of spectra showing the α-Al2O3 doublet, so there is no scatter 

in their data.  However, the thickness measurements can vary over a wide range and thus 

exhibit significant dispersion.  Nevertheless, it is clear that there is a trend of increasing 

probability of detection of α-Al2O3 by PSLS with concomitant reduction in scale thickness, 

which could be quantified by linear regression.  The relationship is given by: 

 δ = 19.1 µm – (14.9 µm) φ (5.1) 

wherein δ is the total oxide scale thickness in µm and φ is the fraction of PSLS 

measurements clearly showing at least one α-Al2O3 doublet, regardless of intensity.  (The fit 

for the negative slope has a 95% CI of −15.6 to −14.4.)  This relationship is more reliable 

for the higher values of φ and becomes less valid for low values, e.g. fewer than 5 positive 

readings, since the thickening of the scale may make it more difficult to detect underlying 

alumina even if it were present. 

5.3.3 Tilt-Polish of Monoxide-on-Alumina 

The oxide generated by the Ni layer deposited on α-Al2O3 comprised 20 µm of NiO atop 

~2 µm of NiAl2O4, whereas that produced by the Co deposition included 40 µm of CoO atop 

~2.5 µm of CoAl2O4, and the mixed monoxide generated by co-deposition of Ni and Co on 

α-Al2O3 comprised ~14 µm of (Co,Ni)O at a Ni:Co ratio of ~1.51 on top of ~1.5 µm of 

(Co,Ni)Al2O4 (Figure 5.6).  Comparative PSLS measurements normal to the surface of these 
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oxides revealed very different responses, with the α-Al2O3 doublet faintly detected in the Ni 

and NiCo samples, but not at all in the Co one.  To gain further insight and resolve whether 

the difference was due simply to the greater thickness of the CoO, the single-deposition 

samples were polished at a shallow tilt relative to the substrate plane.  The mixed NiCo 

sample was not tilt polished due to issues maintaining adherence of the oxide layer.  

Luminescence response was then measured at different distances from the alumina substrate 

along the tilt polish, representing different oxide thicknesses, as depicted in Figure 5.7.  

Measurements were taken starting from the exposed α-Al2O3 substrate Figure 5.7(a,f) and 

progressively up the polished surface to assess the effect of thickness (and layer 

composition) on the magnitude of the luminescence signal.   

It is noted that during tilt polishing, a thin section of NiO near the NiAl2O4 layer in Figure 

5.7 appears to have spalled off, exposing the underlying spinel.  This portion of the tilt was 

not included in the analysis.  The α-Al2O3 doublet was observed on the exposed alumina 

substrate and was not appreciably attenuated by the NiAl2O4 scale, Figure 5.7(b).  At a 

combined thickness of 6.9 µm of NiO + spinel, the doublet intensity was reduced by two 

orders of magnitude, but still clearly visible in (c).  Moving to even greater scale 

thicknesses, the doublet remained through ~15.5 µm of Ni-containing oxides (d), and was 

still faintly visible through 21.7 µm (e).  Furthermore, the characteristic NiO peaks became 

more distinct at greater scale thicknesses, as evident in Figure 5.7(d, e).  In contrast, the Co-

oxides displayed much greater absorptivity to the PSLS signal.  α-Al2O3 was detectable on 

the exposed alumina (f), but the CoAl2O layer appeared to attenuate the doublet intensity by 

a factor of 2, as shown in Figure 5.7(g).  Moving into regions with both CoO and spinel, the 
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doublet was greatly reduced in intensity (h, i), and completely occluded by ~3.6 µm Co-

oxides (j).   

5.4 Discussion 

The use of PSLS for identification of different Al2O3 polymorphs in thin oxidation scales 

[83,116], and for measuring their state of stress [119] is well established in the literature.  It 

has also been shown that PSLS and Raman can be used to screen the oxidation behavior of 

combinatorial libraries of NiAl based bond coats [136]. Advanced Ni-base superalloys are 

arguably marginal alumina formers compared with bond coats, but yield continuous surface 

scales that can be probed readily by PSLS, as in Figure 4.5(b).  These scales may contain 

other oxides covering the α-Al2O3 [162] but it is possible to detect the latter since in most 

practical cases the overlayers are thin and suitably translucent [163]. At issue here is 

whether PSLS can be a viable screening technique for the presence of α-Al2O3 in 

combinatorial libraries of Co alloys when the alumina is covered by multilayer scales with 

complex composition and thickness ranging from a few to tens of micrometers, as illustrated 

in Figure 5.3.   

5.4.1 Detectability of α-Al2O3 PSLS Signal 

The cumulative evidence reveals PSLS is a reliable indicator of the presence of a 

continuous α-Al2O3 layer directly over the Co γ/γ’ alloys for scales of order  thick.  

These are generally multi-layer and typically more complex than those evolving in 

established Ni-base superalloys.  Nevertheless, doublet intensities of similar or higher 

magnitude than those measured in the Ni alloys can be detected in the Co alloys in spite of 

the overlayers, as inferred from the comparison of Figure 4.5(b) and Figure 5.3(a’).  It is 

  !
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self-evident that in the thinner scales, the overlayers on these Co alloys are sufficiently 

translucent to the excitation beam (633 nm) and the luminescent signal (690 nm) to enable 

detection of the continuous alumina under them or discrete internal oxides embedded in 

them (Figure 5.8, paths a-e).  Yet with thicker scales the overlaying oxides have limited 

translucency that changes with thickness and composition, as clearly inferred from Figure 

5.7.  Therefore, for the scales on the thicker end of the distribution in Figure 5.5, i.e. >20 

µm, the absence of positive PSLS results may not necessarily negate the presence of 

alumina at the bottom because the optical signal may be absorbed beyond the level of 

detection.  Nevertheless, one may argue that even if continuous alumina were to actually be 

present in these thicker oxide scales, this oxidation behavior of the alloys in the 

combinatorial library would not be considered desirable for oxide scale adhesion, validating 

the utility of PSLS for screening favorable oxidation behavior.   

A large fraction of the examined compositions contain both continuous alumina and 

internal particles, and exhibit a wide range of PSLS responses in spite of their overall similar 

thickness, as illustrated in Figure 5.4.  In these cases the differences cannot be attributed to 

the overall thickness, nor to the presence or absence of additional oxide layers.  Instead, the 

results in Figure 5.7 suggest the primary difference leading to variability in the PSLS 

response is likely to arise from the composition of the outer (Co,Ni)O layer (Table 5.2).  

There are other potential differences between the scales in Figure 5.4, e.g. the relative 

population of IOZ pockets above the continuous alumina scale wherein the alumina particles 

are dispersed in a metal matrix, versus those embedded in oxide, especially if the latter is 

NiO rich.  The inference is that the opacity of a significant metal layer would prevent any 

response from oxide particles within it, or from any underlying continuous alumina (Figure 
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5.8, paths f, g).  Furthermore it is unclear how translucent the tungstate layer is (e.g. layer 3 

in Figure 5.3), although its presence in scales showing substantial PSLS responses suggests 

it is not a dominant optical barrier.   

Figure 5.7 suggests that Co-rich monoxide, and perhaps the associated spinel, are much 

more absorbing to the PSLS signal generated by underlying alumina than the Ni-rich layers.   

Note that the signal becomes weaker with greater amounts of overlying oxide until it is 

completely obscured by a total of ~3.6 µm of combined CoO + CoAl2O4, Figure 5.7(j), yet 

still remaining slightly visible through more than 20 µm of combined NiO + NiAl2O4, 

Figure 5.7(e).  Moreover, a (Co,Ni)O solid solution layer produced by oxidation of a Co-Ni 

film on bulk α-Al2O3 (Figure 5.6), yields a diminished intensity for the alumina doublet than 

the NiO layer of similar thickness.  The hypothesis is consistent with the PSLS response of 

the scales in Figure 5.4, wherein the PSLS response varies consistently with the Ni:Co ratio 

of the monoxide layer, as shown in Table I.  It is also known that the Cr content of the alloy 

can modify the luminescence response of α-Al2O3 [33], but the Cr content of the alloys in 

this library was very similar.  Observations of the present dataset show that the occurrence 

of more Ni-rich oxides was generally associated with thinner scales, again supporting the 

suitability of PSLS as a screening technique for Co-based γ-γ’ alloys.   

The rationale for the differences in opacity of CoO over NiO to the relevant optical 

wavelengths is not clear.  Experimental values of the absorption coefficients for NiO [34] at 

the 633 nm and 690 nm are ~500 cm-1 and ~700 cm-1, respectively, while those for CoO [35] 

are ~2000 cm-1 and ~1000 cm-1, respectively (Figure 5.9).  These differences may 

qualitatively account for the effect of Co on attenuating the PSLS signal.  Conversely, the 

oxide band gaps are reported as 3.5eV for NiO and 2.6eV for CoO [36], corresponding to 
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wavelengths of 354 nm and 476 nm.  Since these are smaller wavelengths than those 

involved in the PSLS probing, i.e. 633-690 nm, the band gap alone does not account for the 

observed difference in opacity between the two oxides.  The inference is that the oxide 

absorptivity is more relevant to its effects on the PSLS signal than the band gap energy.  

Overall, the compositional regions forming α-Al2O3 scale with thinner amounts of 

overlying oxides in combinatorial libraries of Co alloys may be identified by the described 

PSLS screening technique.   

5.4.2 PSLS Signals Beyond Al2O3 

While not integral to the use of PSLS as a screening technique, some comments may be 

made regarding the observed PSLS peaks other than the α-Al2O3.  In the current experiments 

using a 633 nm (~1.58 µm-1) excitation laser, the NiO vibrational peaks will be expected at 

approximately 1.43 µm-1 and 1.47 µm-1, and indeed these are seen on the NiO TGO grown 

on Ni metal (Figure 5.2), Ni-base René N5 (Figure 4.5), as well as the NiO deposited on 

bulk α-Al2O3 (Figure 5.7).  However, this signal is not observed on the TGO grown on any 

of the combinatorial samples, which exhibit non-trivial amounts of mixed (Co,Ni)O (Figure 

5.3, Figure 5.4).  This demonstrates that these two NiO vibrational peaks are not merely 

weakened, but entirely degraded by the solution of Co in the rock-salt monoxide phase, at 

least down to a Ni:Co atomic ratio of ~0.3, as in Table 5.2(d).  Interestingly, while TGO 

CoO grown on Co metal does not appear to display any definite peaks in this experimental 

setup (Figure 5.2), additional peaks do arise in systems with other elements.  From the tilt 

polish of CoO and CoAl2O4 on top of bulk Al2O3 (Figure 5.7), a broad peak at higher 

frequencies (~1.48 µm-1) around the spinel layer, that then disappears moving into thicker 

amounts of overlying CoO.  In addition, the sample of mixed (Co,Ni)O deposited on bulk 
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Al2O3 displays a broad, yet somewhat more definite peak at ~1.475 µm-1 (Figure 5.6), 

apparently from the halite solid solution.  These results may explain the source of similar 

peaks in the combinatorial samples (~1.47 to 1.48 µm-1 in Figure 5.3(b’, c’), Figure 5.4 (a’), 

which tend to form mixed (Co,Ni)O as well as spinels. 

5.4.3 Implications for Other Studies 

While the present PSLS technique was useful for the purposes of rapid oxide screening, 

there are opportunities present to gain greater insight into material systems by making 

modifications to the experimental procedures.  In the presented results, only the presence of 

α-Al2O3 doublets was utilized as a figure of merit, and signals from other oxides were 

largely ignored.  Furthermore, the incident laser was not adjusted from the readily available 

HeNe 633 nm.  As discussed, both the PSLS signals generated, as well as the translucency 

of any overlying oxides will depend on the material thickness, composition, and the 

wavelengths involved.  The implications are that with further experimental refinement, these 

PSLS techniques may be made more sensitive to the current system, and also be useful for 

broader screening in other TGO systems.  For example, with the experimental ability to 

cycle through a variety of incident wavelengths, the absorbency difference between NiO and 

CoO could be maximized (Figure 5.9).  Perhaps by combining the ability to alter both 

wavelength and intensity of incident light, more insight could be rapidly gained on the 

thickness and composition of the outer monoxide layers by analyzing the minimum intensity 

needed to observe an α-Al2O3 doublet for different wavelengths at which the absorbency 

difference between NiO and CoO changes by varying amounts.   

These considerations of how the opacity of intermediate layers changes with 

composition and light frequency also yields insight into efforts to measure the stress state of 
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alumina TGO underneath a deposited TBC layer.  Christensen et al. [164] were able to 

conduct such measurements, however there was reportedly great difficulty in achieving 

sufficient signal through the overlying TBC, despite it being based on partially stabilized 

zirconia (PSZ), which should not have a high absorptivity to the incident wavelength.  

Notwithstanding the inherent translucency of the PSZ, the TBC layer as-deposited was fairly 

thick (~100 µm), and had a high density of free surfaces from the dense vertical cracks 

formed during synthesis.  These free surfaces likely lead to extensive scattering of the PSLS 

signals.  Knowing that Rayleigh scattering scales with λ-4, and that α-Al2O3 may be excited 

by 633 nm light, a red HeNe laser like that used in the present work may provide less light 

scattering in the TBC than the cyan 488 nm argon-ion laser used by Christensen et al. 

5.5 Conclusions 

These experiments have shown that PSLS is a valid method for screening Co-based γ/γ’ 

alloys for their ability to form alumina scales during oxidation.  The characteristic 

fluorescence doublet of thermally grown α-Al2O3 can be detected through appreciable 

amounts of oxides overlying the Al2O3, scale, especially for samples where the thickness of 

these oxides is ≤ 5 µm.   The absence of detectable α-Al2O3 via PSLS cannot distinguish 

between those samples that do not form continuous alumina scales and those with large 

amounts of opaque overlying oxides, but these behaviors are both arguably undesirable in 

practice.  This study has also demonstrated that the opacity of overlying oxides is a function 

of both thickness and composition.  Of particular importance is the outer layer of (Co,Ni)O, 

whose absorptivity of the relevant PSLS wavelengths increases with Co concentration.  

Overall, the PSLS screening technique is both rapid and non-destructive and can be 

combined with a high-throughput combinatorial synthesis technique to explore the oxidation 
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behavior over a wide range of composition space. PSLS screening will be applied in Chapter 

6 to a large sample set generated by combinatorial synthesis in order to rapidly explore 

oxidation behavior across composition space. 
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5.6 Tables and Figures 

Table 5.1: Compositions of the combinatorial alloys depicted in  
Figure 5.3 and Figure 5.4, as measured by SEM EDS. 

Alloy in 
Figure 

Co 
(at.%) 

Ni 
(at.%) 

W 
(at.%) 

Al 
(at.%) 

Cr 
(at.%) 

Ta 
(at.%) 

Ni:Co 
(at.) 

5.3a 41 33 7 13 4 2 0.79 

5.3b / 
5.4a 

38 35 10 11 1 4 0.92 

5.3c 66 11 9 8 2 4 0.17 

5.4b 46 28 9 12 2 4 0.61 

5.4c 51 24 9 10 2 4 0.47 

5.4d 54 20 9 10 2 4 0.37 
 

Table 5.2: Comparison of compositions and scale thicknesses  
in Figure 5.4, with corresponding PSLS α-Al2O3 doublets 

Sample Fraction of 
PSLS spectra 
with α-Al2O3 
Doublets, φ 

PSLS 
Doublet 
Intensity 

Approximate 
(Co,Ni)O 
Thickness 

(µm) 

Oxide 
Ni:Co 
(at.) 

Alloy 
Ni:Co 
(at.) 

Alloy Cr 
(at.%) 

(a) 0.83 10,000 7 0.64 0.92 1 

(b) 0.88 200 6 0.55 0.61 2 

(c) 0.25 100 7 0.49 0.47 2 

(d) 0.0 0 7 0.31 0.37 2 
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Figure 5.1: Characteristic PSLS signals from α- θ- and γ-Al2O3 polymorphs.  Dashed lines 
refer to the stress-free frequencies [83].  N-line peaks are faintly observed around 14200 
cm−1. 
 

 

Figure 5.2: Measured PSLS spectra of thermally grown oxides (TGO) grown on 
commercially pure Ni, Co, Cr, W and Ta for 1 h in air at 1100°C, as well as CoWO4 and 
NiWO4 powders [159].  All plots are scaled to the same intensities.  Characteristic NiO 
doublets were identified [151].  W, Ta, and Cr TGO exhibit signal towards the outer limits 
of the measured spectra (1.42 µm-1 and 1.48 µm-1).  No peaks that could potentially interfere 
with the PSLS signal for α-Al2O3 were observed. 
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Figure 5.3: (a-c) Backscattered electron images of three oxidized combinatorial alloys 
representing the variety of scale microstructures in cross-section [159].  Oxides have been 
characterized based on SEM EDS: (1) (Co,Ni)O,  (2) (Co,Ni)(Al,Cr)2O4,  (3) (Co,Ni)WO4,  
(4) Al2O3 scale,  (5) IOZ particles in metal matrix,  (6) IPD alloy. (0) denotes the mounting 
epoxy.   (a’-c’) PSLS spectra corresponding to the samples in (a-c), taken normal to the 
sample surfaces.  Note the difference in the intensity scales.  Alloy compositions are given 
in Table 5.1 
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Figure 5.4: (a-d) Backscattered electron images of the cross-sections of scales grown on four 
combinatorial buttons [159].   (a’-d’) Corresponding PSLS spectra measured from the 
sample surfaces.  Note the difference in the intensity scale among (a’) and (b’-d’).  The 
compositions of the monoxide layer on top are given in Table 5.2, and the alloy 
compositions are given in Table 5.1. 
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Figure 5.5: Average and standard deviation scale thicknesses as measured by SEM in cross-
section vs. the fraction of corresponding PSLS measurements exhibiting the characteristic α-
Al2O3 doublet from the surface (out of 24 spot measurements) [159].  Samples with α-Al2O3 
doublets were fit to a linear trend to establish the relation between PSLS and scale thickness.  
Inset shows the approximate location of the 24 measurements for each combinatorial button 
across the oxidized surface with respect to a fiducial mark. 
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Figure 5.6: BSE SEM micrograph of the mixed (Co,Ni)O layer (1) on top of an α-Al2O3 
substrate (3) with a thin reaction layer of (Co,Ni)Al2O4 spinel in between (2), as viewed in 
cross-section.  The mounting epoxy (0) is also labeled.  The PSLS spectra taken from the 
sample surface prior to cross-sectioning is given, and the α-Al2O3 doublet is slightly visible 
through the total ~15.5 µm overlying Ni-oxide layer.  Additionally, a broad hump at ~1.48 
µm-1 is ubiquitous, likely from the mixed (Ni,Co)Al2O4 spinel. 
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Figure 5.7: Stitched optical images of NiO (left) and CoO (right) scales on top of α-Al2O3 
substrates polished at a slight angle relative to the alumina, as seen from above [159].  
Corresponding PSLS surface measurements (a-j) are provided with the approximate 
thickness of oxide overlying the alumina substrate in the upper right corner of each 
spectrum.  Lateral dimensions of the optical images are shown via the scale bar at the 
bottom of the NiO sample.   α-Al2O3 doublets appear much more attenuated by the Co 
oxides.  An intermediate (Co,Ni)O layer was also tested, as shown in Figure 5.6. 
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Figure 5.8: Schematic of multilayer scale with features that can generate the PSLS signal for 
α-Al2O3 [159]. The primary source is the continuous alumina scale formed right above the 
metal (b, d), but discrete particles in the IOZ may also contribute if embedded in an oxide 
matrix (a, c, e).  However, when metal is present above the alumina scale it will arguably 
block not only the signal from the latter (f) but also from any internal oxide particles formed 
(g) until continuing oxidation will convert the metal to oxide(s). 
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(figure continued on next page) 
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Figure 5.9: Experimentally measured optical absorptivity of (a) NiO [165,166] and (b) CoO 
[167] as a function of wavelength at room temperature.  The incident and excited 
wavelengths used for PSLS screening in the present studies are marked by vertical dashed 
lines. 

 

  



 

 120 

6 Combinatorial Exploration of Alloy Composition 

This chapter presents a systematic investigation of oxidation behavior in the senary Co-

Ni-Al-W-Cr-Ta alloy system using a combinatorial synthesis approach based on ion plasma 

deposition (IPD) with multiple alloy targets.  The approach generated 234 unique alloys, 

allowing investigation of a wide swath of composition space.  The oxidation response of 

these combinatorial samples was assessed by PSLS, as discussed in Chapter 5. Promising 

compositions that form α-Al2O3 scale and lesser amounts of less protective, undesirable 

oxides are highlighted.  The focus is on developing an understanding of the relative role of 

individual elements on the short-term oxidation behavior of Co-base γ/γ’.  The relevant 

design space outlined in this work allows identification of promising baseline compositions 

that can then be refined and additional elements added to create optimized alloys. 

6.1. Experimental Details 

6.1.1. Alloy Synthesis 

Three combinatorial libraries on the system Co-Ni-Al-W-Cr-Ta were synthesized by 

IPD [137,150] using 5 different cathodes (Table 6.1) in groups of 3 at a time, as described in 

Chapter 3.  Each library comprised a triangular array of 78 buttons, 12.7 mm diameter by 

2.5 mm thick, each coated with a ~110 µm thick layer representing one of a spectrum of 

compositions of interest (Appendix A).  Synthesis was designed to systematically alter two 

primary variables across each library, depending on the cathodes used for deposition.  

Cathodes 1 and 2 were common to all libraries and represented a range of Ni:Co ratios along 

one axis.  The third cathode was selected to explore changing individually the Al (3), W (4), 

or Cr (5) contents across the libraries.  Buttons of an alloy similar in composition to cathode 
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1 were used as substrates to minimize interdiffusion and CTE mismatch with the IPD alloys 

deposited on them.   

After deposition, samples were solution heat treated and polished to a 0.05 µm finish 

using a vibratory polisher (VibroMet™, Buehler, Lake Bluff, IL) with alumina suspension, 

leaving ~100 µm of the test alloys with typical grain sizes of ~7 µm [10] (Figure 3.2).  IPD 

alloy compositions were then measured by energy dispersive X-ray spectroscopy (EDS) on a 

1 mm2 area of the heat-treated button surfaces using a scanning electron microscope (SEM, 

FEI XL30 Sirion FEG, Houston, TX) at 15 kV.  Select compositions were also quantified 

with electron probe microanalysis (EPMA) using an alloy reference sample that had itself 

been characterized via inductively coupled plasma (ICP) analysis.  For the subset of 

homogenized alloys characterized by both techniques, EDS measurements for Al and Cr 

were on average within ±0.5% of EPMA values, which is within the scatter typical for both 

methods, but Ni, Ta and W were all higher in EDS, by 1-2% on average.  The latter 

uncertainty relates to the overlap of the Ni/Co peaks, as well as the W/Ta peaks at the lower 

energies, a problem with these elements shared with analyses of Ni-base superalloys [168].  

In consequence, the balance Co concentrations measured by EDS and EPMA could be 

different by ~4-5% on average, while the differences in the Ni:Co atomic percent ratios are 

within ~0.1.  Nevertheless, these deviations are consistent in all measurements so the trends 

observed should be qualitatively correct. 

6.1.2. Oxidation 

Buttons were oxidized for a prescribed time in flowing dry air at 1100°C by inserting 

them into the hot zone of a furnace preheated to the target temperature under the same 

environment. All of the buttons labeled with colors in Figure 6.1(j-l), and plotted in Figure 
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6.3 were oxidized for 1 h.  Additional combinatorial buttons were selected to study the 

effects of oxidation time.  These buttons were cut in half with a diamond wafering-blade, 

and each half of the button was oxidized for 1 h, and either 15 min or 4 h.  After dwelling in 

the furnace hot zone for the given time, samples were withdrawn over the course of 5 min.  

Spallation of oxide from the test surfaces was rarely observed. 

6.1.3. Characterization 

Oxidized samples were rapidly screened for the presence of continuous α-Al2O3 scale and 

extent of coverage using PSLS [119,137], as described in Chapter 5. Each button was then 

classified by determining what fraction of the PSLS measurements, 24 per sample, exhibited 

the characteristic α-Al2O3 fluorescence doublet at 1.44 µm-1.  As noted in Chapter 5, 

oxidized button surfaces with larger fractions of positive PSLS readings correspond to 

continuous α-Al2O3 scales with thinner amounts of overlying oxide [169].  Phase diagrams 

used to predict the potential alloy phases present were calculated using the PANDAT™ 

software with the PanCo-2018** database (CompuTherm LLC, Middleton, WI) containing 

all metal elements of interest: Co-Ni-Al-W-Cr-Ta.   

Oxidized buttons were characterized in cross section using backscattered electron (BSE) 

imaging and SEM/EDS to characterize the oxide scale.  A 10 kV accelerating voltage was 

used for EDS analysis of the oxides to reduce the electron interaction volume and sample 

drift, but was not sufficiently energetic to differentiate between W and Ta signals.  A lamella 

was extracted for transmission electron microscopy (TEM) from a selected oxide cross 
                                                
** ITIC calculations in this chapter were made using the 2018 version of the PanCobalt 

database, courtesy of Jun Zhou, Computherm LLC.  This version is observed to more 
accurately model the µ-Co7W6 phase.  In the rest of the dissertation, PANDAT calculations 
were conducted with the available PanCobalt-2011 version, which occasionally and 
unreasonably predicts a pure W BCC phase, (W) in many fields. 
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section using focused ion beam (FIB) in an FEI Helios Dualbeam Nanolab 650, finishing 

with an accelerating voltage of 5 kV.  TEM high angle annular dark field (HAADF) imaging 

and EDS were conducted in an FEI Titan FEG TEM-STEM at 300 kV.  

6.2. Results 

6.2.1. Characteristics of the Pristine Alloys  

Alloy compositions prior to oxidation across the three libraries are compared in Figure 

6.1(a-f). As planned, all libraries display an increasing Ni:Co from left to right, with 

increasing Al, decreasing W, and increasing Cr contents from bottom to top for libraries 1, 

2, and 3, respectively.  The concentrations of the remaining components are generally 

constant for each library.  Minor phases other than γ and γ’ are often found in the unoxidized 

IPD alloys after the solution heat treatment, exemplified by the W-rich (brighter) and Al-

rich (darker) segregates noted in Figure 6.2(a,b); their prevalence in the three libraries is 

shown in Figure 6.1(g-i).  The compositions of the pristine alloys (prior to oxidation) 

corresponding to the micrographs shown in various figures (mostly after oxidation) are 

listed in Table 6.2.   

 

6.2.2. Oxidized Alloy PSLS 

Samples from the different libraries were screened for their oxidation behavior at 1100°C 

using PSLS.  The broader results are summarized in Figure 6.1(j-l), with samples colored 

based on φ, defined as the fraction of the 24 PSLS spectra taken from each sample 
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exhibiting the characteristic α-Al2O3 doublet††.  As demonstrated in Chapter 5, higher values 

of φ (brighter green) generally correspond to thinner layers of undesirable phases overlying 

the α-Al2O3 scale.  Examination of Figure 6.1 reveals that α-Al2O3 formation is observed 

most frequently in Library 1 at the higher Al and Ni contents (top and right corners in j), in 

Library 2 at the higher Ni and W contents (right corner in k), and in Library 3 at the higher 

Cr and Ni contents (top and right corners in l). 

6.2.3. Most Promising Al2O3 Formers  

Notwithstanding the relatively large number of combinatorial samples that show a 

promising PSLS response in Figure 6.1(j-l), only a small fraction of them yield suitably thin 

α-Al2O3 scales combined with a minimum of extraneous overlaying oxides.  Examples of 

these scales, both with the highest PSLS scores (φ = 1), are shown in Figure 6.2(c,d).  Oxide 

phases in these images were tentatively identified based on SEM EDS by comparing the 

measured ratios of different cations.  The thinnest scales were observed at the high Al and 

high Cr corners of Libraries 1 and 3, corresponding to the samples in Figure 6.2(b) and (a), 

respectively, marked on Figure 6.1(j,l).  The highest Cr sample in Figure 6.2(a, c, e) exhibits 

a desirable continuous Al2O3 layer across the surface (point 4 in e), with a thin layer of 

overlying spinel (point 2 in e).  The average scale thickness in this case is on the order of 1 

µm.  The highest Al sample contains these layers as well, but also forms less desirable 

phases in many locations, e.g. Figure 6.2(d, f).  In this case, the thin layers of Al2O3 and 

spinel are present at multiple locations with pockets of a W-rich oxide sandwiched between 

                                                
††  The compositions of alloys shown in the presented figures are labeled in Table 6.2, 

Figure 6.1, and Figure 6.3.  For example, the alloys in Figures 2(a) and (b) are labeled “2a”, 
and “2b” respectively. 
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them (point 3 in f), often overlaid by (Co,Ni)O (point 1 in f).  These patches of additional 

oxide phases contribute to a greater average scale thickness, ~5-9 µm.   

6.2.4. Oxidation Behavior Mapped onto Alloy Phase Fields 

The oxidation behavior, as reflected in φ, may be conveniently compared with the 

calculated phase constitution corresponding to each alloy, as illustrated in Figure 6.3.  These 

diagrams are isothermal-isoconcentrate (ITIC) sections in senary Co-Ni-Al-W-Cr-Ta space 

at 1100°C, calculated with the PanCo-2018 thermodynamic database [140].  Three 

components of the alloy vary within each Gibbs triangle, corresponding to a given library, 

with the remaining components having essentially constant concentrations throughout the 

range investigated.  The measured compositions of the IPD alloys prior to oxidation are then 

plotted onto the ITIC sections, and assigned colors based on their φ value after oxidation—

cf. Figure 6.1(j-l).  In this manner one can, in principle, identify compositions with favorable 

alumina forming behavior and the desired γ/γ’ microstructure.  Because IPD alloys within 

each library do not have exactly the same concentrations of the elements kept nominally 

constant, only those alloys that are compositionally close (within approximately ±1 at.%) to 

the ITIC sections in Figure 6.3 are plotted.  Therefore, the phase constitutions depicted 

should be reasonably representative of the plotted IPD alloys and may be compared with the 

experimental observations.‡‡  

 It is first noted in all the calculated ITIC sections in Figure 6.3 that considerable alloying 

is required to reach the boundary of any field containing γ + γ′ at 1100°C, i.e. fields (21), 

                                                
‡‡  Note that, while the components plotted in the ITIC sections in Figure 6.3 suggested 

correspondence with each of the libraries, there are compositions of different libraries that 
may fall within the composition range plotted, e.g. Figure 6.3(c) contains points of libraries 
1 and 2.   
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(31), (33), (41), and (42).  Importantly, only in Figure 6.3(b) is there a field (21) predicted to 

contain γ + γ′ with no other phase, consistent with the broader findings for the W library in 

Figure 6.1(h).  However, most of the compositions in this field have low values of φ, 

whereas those compositions with larger values of φ fall into fields containing other phases, 

e.g. µ-Co7W6 (D85) in (31).  This W-rich phase was indeed found in a significant fraction of 

the compositions with high φ values in the latter field.  In the other two libraries γ + γ′ is 

predicted to co-exist with the µ phase (31) and in some instances also with β-(Co,Ni)Al 

(B2).  The presence of γ′ was not always evident in the SEM sections but was confirmed in 

samples within the fields marked (21) and (31) in all three libraries, e.g. Figure 6.4, as well 

as in some samples not falling directly within the ITIC sections of Figure 6.3, e.g. 3b.  The β 

phases, which could act as Al reservoirs during oxidation, are also predicted in several fields 

but usually not concurrently with γ′ except when µ or A2 are present, e.g. fields (41) and 

(43).  Al-rich phases consistent with β are indeed observed in a significant fraction of the Al 

library buttons as mapped in Figure 6.1(g), sometimes with µ as in Figure 6.2(b), but not in 

any of the samples examined in the other libraries.  

6.2.5. Oxide Phases and Microstructure 

Examination of scales across all the libraries reveals that the least desirable ones occur 

closer to the Co-rich corner of the libraries and typically form Al2O3 primarily by internal 

oxidation.  The scales can be in some cases as thick as 60 µm.  A lamella taken from one of 

the samples with thicker oxides and a modest φ value, labeled 6 in Figure 6.1(j) and Figure 

6.3(a), was analyzed by TEM/EDS, revealing a complex microstructure with multiple 

phases shown in Figure 6.5.  The compositions of the labeled oxide constituents, which are 

representative of most thick scales, are listed in Table 6.3.   
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 (Co,Ni)O (B1) was often present and always as the outermost oxide (points 1 and 2 in 

Figure 6.5).  CoWO4 (E1b) tungstate particles (3) were usually found at the bottom of this 

layer, underlain by (Ni,Co)(Al,Cr)2O4 spinel (H11) present either as a thin single-phase layer 

(4), or occasionally as a thicker porous layer mixed with tungstate.  Pores (0) were 

frequently observed at or near the (Co,Ni)O/spinel interface.  Beneath the spinel layer there 

were frequently discrete Al-rich oxides (5, 7, 9) embedded in a (Co,Ni)WO4 matrix (6, 8, 

10).  These Al-rich particles are seen to transition from spinel to alumina with increasing 

distance from the outermost surface (Table 6.3).  Concomitantly, the Ni:Co ratio in the 

enveloping tungstate matrix increases in the same direction.  The darker region under the 

layer of tungstate is found to contain monoxide (11), spinels (12, 13), as well as some pores 

(0).  These oxides are much more Ni-rich than their counterparts closer to the surface (cf. 1, 

2, 4 in Table 6.3).  Finally, Al2O3 is present as a thin, continuous layer (14, 15) next to the 

bulk, unoxidized alloy.   

To illustrate the broader effects of alloy composition on the scale constituents and 

morphology, cross-sections were taken from samples where nominally only one of the key 

components was changed (Figure 6.6, Table 6.2) §§.  The individual samples are also labeled 

in Figure 6.3, which reveals that moving to directions of higher Ni, Al, W, and Cr will be 

accompanied by higher φ values (green), as noted earlier in Figure 6.1.  Reflecting these 

trends, the cross-sections in Figure 6.6 show that increasing each component individually 

reduces the average scale thickness, albeit to different degrees.  Only moderate reductions in 

                                                
§§  Increase in one component, e.g. Al, while keeping W and Cr constant can only be 

accomplished by reducing either Co or Ni, or both.  Ideally a change in one element should 
be implemented keeping the relative proportions of the others constant, but that is not 
feasible in a combinatorial study.  Therefore, the samples selected are those that most 
closely approximate the desired comparison.  
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thickness are observed when increasing the Ni:Co ratio, Figure 6.6(a→b), while the oxide 

phases present are fairly consistent.  In most cases, there is only a slight reduction in the 

amount of tungstate and overlying monoxide.  On the other hand, increasing Al content, 

Figure 6.6(c→d) has a much more pronounced beneficial effect on oxidation.  The scale 

thickness is substantially decreased, and tungstate and monoxide phases are largely 

minimized across much of the sample surface.  However, even in the sample with highest Al 

content some parts of the scale still contain these less desirable oxides, e.g. Figure 6.2(d).  

(Note the similarity in composition between samples 2b and 6d in Figure 6.1 and Table 6.2).  

Increasing the W content in the alloys, Figure 6.6(e→f) has a mildly beneficial effect in that 

the average oxide thickness is clearly reduced, though undesirable phases are still plentiful 

in the thinner scales, even if no tertiary phases were present in the alloy for either sample.  

The thick layer of mixed oxide phases under the monoxide in (e) transitions to a thinner 

layer comprising primarily tungstate, with continuous overlying spinel and diminished outer 

monoxide.  These effects are in contrast with Cr additions, Figure 6.6(g→h), which are 

found to substantially reduce the scale thickness, but also have a marked effect in precluding 

many of the less desirable oxides.  This is epitomized in the sample at the tip of the library, 

Figure 6.2(a,c), which has a similar composition to the alloy in 6h as shown in Table 6.2.  

The tungstate phases are substantially reduced at higher Cr contents (brighter regions in 

Figure 6.6h), and outer monoxides are seldom observed.  What remains is a thin layer of 

primarily Al2O3 and outer spinel.   

6.2.6. Computational Results 

The first principles calculations of Al chemical potential in γ/γ′ for both ternary Co-W-

Al and Ni-W-Al systems are shown in Table 6.4.  For each solvent metal W content is 
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increased, as Al content is held approximately constant in order to examine the second order 

effects of alloy composition on the thermodynamic driving force to form Al2O3.  It is seen 

that the type of solvent metal has a large effect on the µ(Al) dependence on W content.  

Increasing W content lowers µ(Al) in the Co-base system, and conversely raises µ(Al) in the 

Ni-base system  

6.2.7. IOZ Pocket Investigation 

The presence of IOZ pockets undercut by a continuous Al2O3 scale, e.g. Figure 6.2(d,f) 

and Figure 6.6(a-c, e-g) was sufficiently pervasive to deserve further investigation.  The IOZ 

particles are most often observed within the tungstate layer below the spinel, but they can 

also be found within a matrix of Ni-rich monoxide or Ni-rich metal, usually below the 

tungstate.  The structure of these pockets poses interesting questions regarding their 

morphology, the sequence of evolution of the various oxides and the mechanism for the 

formation of the continuous alumina layer at the bottom.  Shorter-time oxidation 

experiments were undertaken to elucidate the evolution of these features.  The sample 

oxidized for 15 min in Figure 6.7(a) exhibits multiple regions where the continuous Al2O3 

scale had not completely undercut the bottom of the IOZ pocket, as illustrated in Figure 

6.7(a), whereas all IOZ pockets are underlain by continuous Al2O3 after 1 h, e.g. Figure 

6.7(b).  Furthermore, the lower portions of IOZ matrix after 15 min were primarily metallic, 

whereas the equivalent IOZ matrix in the 1 h sample was fully oxidized.  A sample from the 

same coupon as Figure 6.5 was polished parallel to the scale plane at a small angle relative 

to the surface, as shown in Figure 6.8.  The IOZ pockets are shown surrounded by a thin, 

continuous alumina at their boundaries, Figure 6.8(a).  The corresponding surface polish of 

the unoxidized alloy in Figure 6.8(b) reveals an average grain size comparable to the in-
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plane dimension of the IOZ pockets.  Insight provided from these observations is discussed 

later. 

6.3. Discussion 

Salient findings of this investigation are (i) the demonstration that thin, continuous 

alumina scales with minimal overlying oxides are feasible within phase fields where γ′ is 

stable, albeit only within a relatively small domain of the composition space explored; (ii) 

insight into the effect of different alloying elements on the alloy constituents and oxidation 

behavior, particularly regarding the production of extraneous oxides; (iii) an understanding 

of the processes of internal oxidation; and (iv) an identification of alloying strategies for 

achieving desirable oxidation behavior in a γ/γ′ alloy with minimal presence of deleterious 

intermetallic phases.  These issues are further discussed in this section. 

6.3.1. Desirable Al2O3 Scale 

It is evident from the combinatorial results in Figure 6.1(j-l) that a substantial fraction of 

the three libraries exhibit desirable formation of alumina with a high fraction of positive 

PSLS results (φ→1) in well-defined composition domains, validating the approach.  Regions 

defined by this criterion in Figure 3 correspond approximately to , , 

, and , all in atomic percent (Table 6.5).  It is also noted that within these 

regions a significant fraction of the samples with high φ values fall into fields predicted to 

contain γ′ at 1100°C; this prediction was confirmed (Figure 6.4) for enough samples to 

provide confidence that it is feasible to form an α-Al2O3 scale in a Co-based γ/γ′ alloy.  

Nevertheless, these scales can range over a wide range of thickness and morphology, which 

in principle narrows the composition space of interest.   

  XAl !>11   7
!< XW !<10

  XCr !> 4   XNi !> 26
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A conceptually optimum scale is based on a slow-growing continuous thin layer of α-

Al2O3 with no extraneous, non-protective oxides, analogous to that on second-generation Ni-

base superalloys.  The closest scale produced in this study is illustrated in Figure 6.2(c,e), 

comprising a thin continuous α-Al2O3 scale (~0.5 µm thick) with a thin over-layer of spinel, 

giving a total thickness on par with that formed on CMSX-4 and René N5 under the same 

conditions [150,162].  However, of all the samples investigated only that in Figure 6.2(a), 

and perhaps Figure 6.6(h), exhibited those desirable scales.  These two samples were at the 

high-Cr corner of library 3 (XCr ≈ 9 at.%), with 6h falling at the boundary of the γ+γ′+µ and 

γ+µ+β in Figure 6.3(c).  This suggests the fraction of γ′, if present, is probably small as 

expected from the effects of Cr in reducing γ′ stability.  Indeed, the sample in 2a, which has 

the highest Cr content, did not have a detectable amount of γ′. 

Most samples investigated exhibited significant amounts of extraneous oxides, usually in 

the form of IOZ pockets with discrete Al2O3 particles embedded in tungstate and spinel 

matrices, often undercut by thin, continuous alumina and overlaid by spinel and (Co,Ni)O.  

Even samples 2a, 6h and 2b exhibit noticeable populations of these features interspersed in 

an otherwise thin alumina scale.  The origin of these IOZ pockets is discussed later, but the 

implication is that they are generally undesirable because they result in thick scales that are 

more susceptible to spallation under thermal cycling.  It is worth considering that these 

alloys are likely to be protected by thermal barrier coatings (TBCs) with oxidation-resistant 

bond coats.  Oxidation resistance is thus required only in the event of coating loss or fatigue-

related cracking [170], and the oxide scale should be sufficiently robust to protect the alloy 

and ensure the survivability of the component.  Previous multilayer mechanics calculations 

for the superalloy – bond coating – TBC system demonstrate similar magnitudes of driving 
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forces for coating failure in nickel-base compared to cobalt-base superalloy systems for 

alloys in the two systems that have comparable coefficients of thermal expansion [41]. 

6.3.2. Effects of Alloying Additions 

While alloys with desirable oxidation behavior can be identified in fields where γ′ is stable 

at 1100°C, it is also noted that many of these alloys may contain additional intermetallic 

phases, notably β-(Ni,Co)Al and µ-Co7W6.***  In general, β and µ are considered detrimental 

in superalloy applications because of their effect on stress-rupture and toughness, 

respectively [171,172].  The β phase is predicted at low Ni contents with increasing Al 

content, fields (23) and (32) in Figure 6.3(a-c), and at higher Ni contents with increasing W 

and Cr contents, fields (34), (41) and (43) in the same figures.  However, it was only 

observed experimentally in the higher Al contents in Library 1, e.g. 2b, 6c and 6d, cf. Figure 

6.1(g,j).  In general, β appears to supersede γ′ as the Al content increases, often in 

combination with µ following the trend established early in the ternary Co-Al-W [7].  

Therefore, suppressing β is desirable not only because of its likely detrimental effect on 

mechanical properties, but also because it appears to concomitantly reduce the fraction of 

strengthening γ′ phase. 

The µ phase is generally predicted in combination with β, fields (32), (34), (41) and (43) 

in Figure 6.3, but also without it, as in fields (22) and (31).  Within the limitations of the 

samples examined, µ was predominantly observed in field (31) and at near its boundary with 

(32).  Given the Al and W contents where µ is present, one may trace the origin of the γ+µ 

field (22) to the Co-Al-W ternary, where it bounds the γ+β+µ field [7].  As Ni is added the γ′ 

                                                
***  These phases also incorporate other elements in solid solution, e.g. Cr in β and Ta in 

µ. 
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field expands, presumably at the expense of β, increasing the Al:W ratio in the L12 phase 

[2,11].  Concomitantly the partitioning of W shifts toward the γ phase [13], stabilizing µ into 

field (31).  Note that µ is also prevalent in the Cr library, presumably due to the de-

stabilization of the γ′ phase [22,23], but not present in the W library, Figure 6.1(h), wherein 

most of the samples have lower W content than those in Libraries 1 and 3.  It is evident from 

the discussion above that, while the general trends are qualitatively reasonable, additional 

refinement of the existing database would further the understanding of the extent of alloying 

additions that can be tolerated before precipitating out the undesirable β and µ phases.  

Consider now the role of alloying additions on the oxidation behavior.  Most of the 

scales examined are deemed inadequate because of the presence of thick IOZ pockets with 

tungstate/spinel matrices, often undercut by a thin alumina scale, and covered by a thick 

monoxide layer with a thinner, underlying spinel, e.g. Figure 6.5-Figure 6.7.  While the 

mechanism of evolution of these features, discussed in the next section, is seemingly 

complex, one may hypothesize that the fundamental variables that control internal oxidation 

[155,173] are still at play.  The role of Al is self-evident as increasing its activity would 

accelerate the diffusion to the putative oxidation front and promote the transition to 

continuous alumina formation.  The concentration, however, must satisfy the requirements 

for γ′ stability and is limited by the onset of β formation.  The role of Cr is often ascribed to 

the “third element effect” on the promotion of alumina, which is well documented for M-Cr-

Al alloys (M=Ni, Fe, Co) [174].  While there is still debate on the mechanism, a common 

explanation is the formation of chromia at the surface, limiting oxygen ingress and enabling 

Al diffusion to become competitive in forming a scale rather than internal oxides [42,174].  

One might argue that the formation of thin alumina scales in the alloys with the highest 
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Cr:Al ratios (Table 6.2) is consistent with this view, especially since these alloys are 

overlaid by a thin layer of spinel, e.g. Figure 6.2(c).  However, when Cr was detectable in 

the spinel layers analyzed in other samples, e.g. Figure 6.5, it was present in a much lower 

concentration than Al (spot 4 in Table 6.3).  

The role of W in promoting alumina is somewhat counterintuitive and must be viewed in 

the context of its interplay with Ni.  First principles calculations summarized in Table 6.4 

reveal that the chemical potential of Al in the γ/γ′ equilibrium increases concomitantly with 

W additions in Ni-Al-W alloys, whereas the opposite is true in Co-Al-W, wherein µAl 

decreases as W is added.  Moreover, it is known that as the γ′ field expands with the addition 

of Ni its Al:W ratio increases and the W partitioning shifts toward the γ phase [19].  While 

the quaternary calculation has not been performed, one can hypothesize based on Table 6.4 

that the chemical potential of Al would still increase with W additions with the partial 

substitution of Ni for Co.  Moreover, increasing the Ni:Co ratio has been shown to enhance 

aluminum diffusivity in the bulk alloy [175].  Both effects are expected to favor the 

transition from internal oxidation to continuous alumina [155].   

6.3.3. Formation of IOZ Pockets 

The formation of IOZ pockets underlain by a continuous oxide layer has been reported for 

Ni-Cr [7] and Ni-Al [176] alloys, along with mechanisms proposed to explain their 

evolution.  The general features are found in the present alloys, e.g. Figure 6.2, Figure 6.6, 

and Figure 6.7, but the microstructure is arguably more complex because of the larger 

number of cations involved.  However, the major steps resemble those proposed in [174], as 

depicted schematically in Figure 6.9.  Upon initial exposure to high-temperature, the first 

event is the formation of oxides of the major components that spread to form a layer of 
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(Ni,Co)O with variable thickness and porosity, depending on the alloy composition.  The 

presence of spinel immediately under the top layer suggests Al oxidation starts 

concomitantly or soon thereafter.  In one scenario Al could be concurrently oxidized with Ni 

and Co to form spinel.  Alternatively, alumina could form in discrete particles at the onset of 

internal oxidation, and then react with the surrounding monoxide to form spinel.  The 

absence of any alumina particles embedded into the top spinel layer but their presence 

within the bottom spinel layer in a typical IOZ pocket suggest that the scenario of direct 

oxidation may be more likely.  Further experiments at shorter times, however, are needed to 

elucidate this issue.    

Because oxygen permeation is evidently allowed by the top layers, as shown by the 

subsequent evolution of the scale, the next step is the internal oxidation of the Al within the 

alloy, wherein the Al concentration and diffusion rates are not sufficiently competitive to 

form initially a continuous alumina scale.  Concomitantly, there is continued outward 

migration of Ni and Co to feed the growth of the monoxide layer.  Presumably W is less 

mobile, so as Al gets depleted from the upper layer of the alloy the oxygen ingress leads to 

the formation of the tungstate layer, which embeds the alumina particles.  (Tungstate is also 

observed above the spinel layer, as represented by point (3) in Figure 6.5.  It is hypothesized 

that this tungstate was the product of the initial rapid oxidation stage and arguably marks the 

approximate surface of the alloy when oxidation started.)  In the upper portions of the IOZ, 

the alumina particles are partially converted to spinel by the continued oxygen ingress after 

Al is locally depleted.  Internal oxidation, however, continues ahead of the tungstate regions 

so the bottom of the IOZ zone comprises alumina particles embedded into alloy, as noted in 

Figure 6.7(a).   
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Ideally the above processes would continue until oxygen diffusion becomes less 

competitive owing to the increasing diffusion distances and the decreasing chemical 

potential at the metal/outer oxide interface.  If concentrations were uniform and bulk 

diffusion predominated, the different oxidation fronts would be expected to advance parallel 

to the original surface.  There are, however, places where Al diffusion is competitive at 

much earlier times, leading to the local formation of continuous alpha alumina closer to the 

surface.  This view is supported by the observation that the boundaries of the IOZ pockets 

are on the scale of the alloy grain size, as shown in the tapered section of Figure 6.8, 

suggesting that the faster diffusion of Al in these regions facilitates the formation of the 

continuous alumina layer.  (The mechanism by which this occurs is not yet clear, but it does 

not seem to exhibit the features of the particle coalescence proposed in [174]).  Once these 

patches of continuous alumina form there is a competition between the advancement of the 

IOZ front and the lateral spreading of the alumina layer.  The latter is favored by the 

divergence of the diffusion fluxes for oxygen and aluminum along the interfaces of the 

alumina layer, which progressively encroaches on the IOZ front.  This view is supported by 

the shape of the IOZ pockets, which are progressively constrained from growing as the 

lateral growth of the alumina proceeds, as shown in Figure 6.7.  Moreover, upward cation 

diffusion continues through the opening in the alumina layer until the latter fully bridges the 

gap, as inferred from the thicker monoxide layer over the center of the pocket in Figure 

6.2(d,f), Figure 6.6(b) and Figure 6.7(b).  Because the IOZ front is always ahead of the 

growth fronts for the tungstate and spinel, when the gap closes there is a region of IOZ 

where the alumina particles are embedded into the unoxidized alloy.  Downward diffusion 

of oxygen, clearly evident by the continued, albeit slow growth of the alumina scale, 
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gradually converts these pockets of metal matrix into spinel, consuming some of the 

internally formed alumina particles.  The reduction in the population of IOZ pockets with 

increasing Cr and Al contents suggests that the lateral growth of the continuous alumina is 

accelerated by increasing the activity of Al in the bulk.  The alloy grain size in the present 

samples is also fairly small, ~7 µm.  In the next chapter, TGO morphology will be 

investigated on samples with larger ~1 mm grains and single crystalline samples as well. 

6.3.4. Prospective Alloying Strategies 

The results from this combinatorial study outline the challenges presented for designing 

Co-γ/γ′ alloys with desirable oxidation resistance, an adequate content of γ′ and minimal 

contents of W or Al-rich tertiary phases.  The trends indicate that increasing Al and Cr 

contents, and to a lesser extent Ni and W, all benefit oxidation behavior.  However, higher 

concentrations of these elements also lead to the precipitation of undesirable alloy phases.  

The thermodynamic calculations suggest that a field containing only γ and γ′ exists only in 

the ITIC for the W library, i.e. (21) in Figure 6.3(b).  However, none of the alloys in that 

field exhibit a high fraction of positive PSLS results (φ ≤ 0.6).  Conversely, substantial 

numbers of samples showing more favorable oxidation behavior (φ ≥ 0.8) contain the µ 

phase in addition to γ and γ′, as seen on fields (31) in Figure 6.3(a,b,c).  In order to balance 

out these effects, it is useful to plot the oxidation behavior across composition space on top 

of the corresponding alloy phase diagram, as has been done in Figure 6.3 using PANDAT 

alloy phase calculations.  In this view, many of the samples with more desirable oxidation 

behavior (plotted in green) fall within phase fields containing the desired γ′ phase.  While a 

W-rich phase is also predicted to occur in many of these samples, the second ITIC of Figure 

6.3 (Co-W-Ni) shows some samples lying within the two-phase γ/γ′ field with more 
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promising oxidation behavior.  A starting point to define the design space for Co - γ/γ′ alloys 

in the six-component space can then be defined by compositions in the range (30-40) Ni, (5-

8) W,  ~11 Al, ~2 Cr and ~4 Ta (all in at.%)  Note, however, that a high φ value is not a 

sufficient condition for a desirable scale, as small thickness is also a desirable attribute.  The 

thinner scales in this investigation arise from samples 2a and 6h in Figure 6.1(l), shown in 

cross section in Figure 6.2(c) and Figure 6.6(h).  These correspond to Cr contents of ~9 at.% 

but the 6h sample is at the border between fields (31) and (32) in Figure 6.3(c), where γ′ is 

replaced by β and µ is preserved.  In essence, increasing Cr favors thinner scales but also 

reduces the γ′ solvus, as noted earlier.  A strategy to modify the composition to improve the 

combination of oxidation behavior and mechanical properties will be pursued in the 

following chapter. 

6.4. Synopsis 

This combinatorial study has identified alloy composition regions of promising 

oxidation behavior in the Co-Ni-Al-W-Cr-Ta system.  Alloys with: ≥11 at.% Al, ≥4 at.% Cr, 

between 7 – 10 at.% W, and ≥26 at.% Ni exhibit relatively thin layers of continuous α-Al2O3 

after 1 h isothermal exposure in air at 1100°C.  Decreasing W alloy content was observed to 

be deleterious to Al2O3 scale forming behavior, and DFT calculations suggest this may be 

due to the effect of W additions raising µAl.  In contrast to beneficial effects on oxidation 

behavior, Al, W, and Cr additions were also observed to favor the precipitation of 

undesirable alloy phases, notably β-(Co,Ni)Al and µ-Co7W6.  Thus, selection of the optimal 

concentrations of alloying additions may be achieved by combining the experimental 

oxidation results of this study with calculations of the phase constitution using the PANDAT 

database. The following chapter will take these identified trends between composition, 
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oxidation behavior and alloy phases, and combine them to outline the design space for 

improved Co-base γ/γ’ alloys, arriving at a series of alloys designated ”DMREF”.  
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6.5. Tables and Figures 

Table 6.1: Compositions of the substrates and the IPD cathodes.† 
 

 

 

 

 

 

†  Compositions measured by ICP in atomic percent, except for S, 
which is in parts per million by weight (ppmw). 

 
Table 6.2: Compositions of selected IPD alloys  

prior to oxidation  (SEM-EDS, at. %). 
 

 

 Co Ni Al W Cr Ta S Ni:Co 

Substrate 79.7 0.0 8.9 6.7 3.3 1.5 0.5 0:1 

Cathode 1 77.1 0.0 12.2 5.9 3.4 1.4 3 0:1 

Cathode 2 33.5 35.4 14.4 11.8 3.4 1.5 2 1:1 

Cathode 3 33.4 34.6 20.7 6.5 3.4 1.4 1 1:1 

Cathode 4 40.9 40.4 13.8 0.0 3.5 1.4 1 1:1 

Cathode 5 30.0 29.3 11.8 6.0 21.5 1.4 4 1:1 

Figure Co Ni Al W Cr Ta Ni:Co Al:W Cr:Al 

2a 38 32 11 8 9 3 0.83 1.5 0.78 

2b 38 35 16 7 2 3 0.91 2.2 0.12 

4 41 36 11 7 2 4 0.88 1.6 0.17 

5 51 24 10 9 2 4 0.47 1.2 0.16 

6a 51 23 10 8 4 3 0.45 1.2 0.38 

6b 41 33 10 9 4 3 0.81 1.2 0.37 

6c 42 32 12 9 2 3 0.76 1.3 0.16 

6d 38 34 15 8 2 4 0.88 1.9 0.14 

6e 42 40 12 2 2 3 0.95 5.9 0.20 

6f 37 38 12 9 2 4 1.02 1.3 0.16 

6g 46 28 10 9 4 3 0.62 1.1 0.38 

6h 41 29 10 8 9 3 0.71 1.2 0.90 

7 39 35 12 10 2 3 0.89 1.2 0.17 
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Table 6.3: Spot measurements of constituents in Figure 6.5 (TEM EDS). 

Spot 
Composition (at.%) Ni 

Co  
(Al+Cr) 
(Ni+Co) 

    W     
(Ni+Co) 

Nominal 
Oxide O Co Ni Al Cr W 

1 53 36 12 - - - 0.3 - - (Co,Ni)O 

2 63 29 8 - - - 0.3 - - (Co,Ni)O 

3 60 17 - - - 23 0.0 - 1.4 CoWO4 

4 59 8 4 27 1 - 0.4 2.4 - (Co,Ni)Al2O4 

5 64 8 5 17 6 - 0.7 1.7 - (Co,Ni)(Al,Cr)2O4 

6 59 11 8 - - 22 0.7 - 1.2 (Co,Ni)WO4 

7* 62 3 8 27 1 - 2.7 2.6 - (Co,Ni)Al2O4 

8 64 6 12 - - 19 2.1 - 1.1 (Co,Ni)WO4 

9* 67 - - 32 1 - - N/A - Al2O3 

10 66 4 12 - - 18 2.8 - 1.1 (Co,Ni)WO4 

11* 64 5 31 - - - 6.3 - - (Co,Ni)O 

12* 66 3 6 26 - - 2.2 3.0 - (Co,Ni)Al2O4 

13* 65 - 9 26 - - N/A 2.9 - NiAl2O4 

14 63 - - 37 - - - N/A - Al2O3 

15* 66 - - 34 - - - N/A - Al2O3 

* Measurements taken with an FEI Tecnai G2 Sphera at 200 kV. 
 

Table 6.4: DFT calculations of the Al  
chemical potential in γ-γ′ phases at 900°C 

Solvent 
Metal 

Al 
(at.%) 

W 
(at.%) 

µ(Al) 
(eV/atom) 

Δµ(Al) 
(eV/atom) 

Co 9.0 4.0 -0.740 
-0.098 

Co 10.0 10.0 -0.838 

Ni 14.0 0.0 -2.810 
0.920 

Ni 14.5 15.3 -1.890 

 
Table 6.5: Candidate compositions with  

promising oxidation behavior (at.%). 
Library Co Ni W Al Cr Ta 

1 Bal. ≥ 22 9 ≥ 11 2 3.5 

2 Bal. ≥ 22 7-10 11 2 3.5 

3 Bal. ≥ 26 9 10 ≥ 4 3.5 
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Figure 6.1: Overview of the relevant features for the combinatorial libraries.  (a-f) depict the 
compositions of the IPD generated alloys prior to oxidation,  The Ni:Co ratio increases from 
left to right in (a-c), whereas the key alloying elements investigated, namely Al, W and Cr, 
vary along the height in the direction of the arrows.  The remaining elements remain fairly 
constant across each individual library.  (g-i) depict the presence or absence of secondary 
minor phases beyond the γ/γ’ matrix, while (j-l) illustrate the oxidation behavior based on 
the detection of α-Al2O3 by PSLS.  φ represents the fraction of PSLS spectra showing the 
characteristic α-Al2O3 doublet out of 24 measurements for each sample, as described 
in Chapter 5.  The labels on the different samples in (j-l) correspond to micrographs in the 
different figures that follow.  
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Figure 6.2: Backscattered electron micrographs of (a,b) IPD alloy surfaces corresponding to 
the Al-rich and Cr-rich tips of libraries 1 and 3, respectively (Table 2), prior to oxidation, 
and (c-f) these same alloys in cross-section after oxidation.  Figures (a,c,e) correspond to the 
same high-Cr alloy, and (b,d,f) to a different high-Al sample.  The scales shown are among 
the thinnest observed after the oxidation at 1100°C for 1h in air.  Phases are identified based 
on SEM EDS information: (1) (Co,Ni)O, (2) (Co,Ni)Al2O4, (3) (Co,Ni)WO4, (4) Al2O3 
scale, (5) remaining bulk alloy.  The brighter phases in (a) and (b), labeled (6) in (e), are µ-
Co7W6 intermetallics, and the darker phases in (b) are Al-rich B1 phases (β). (*) denotes the 
epoxy mount in (e) and (f).  The positions of these two alloys are labeled on Figure 6.1 and 
Figure 6.3 as “2a” and “2b” respectively. 
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Figure 6.3: ITIC sections of the composition space relevant to the combinatorial libraries, 
calculated using the PanCo-2018 database.  All sections are at constant 1100°C, with the rest 
of the elements listed on the right.  Thus, the corners of these plots are not 100% one 
element, but rather primarily one element plus the three remaining elements at their 
respective constant concentrations.  The key to the phase field labels is at the bottom.  Please 
note that any of these sections may contain alloys that are part of more than one library.  
Alloys presented in other figures are labeled on the ITIC diagram where present, e.g. the 
alloy in Figure 6.5 is labeled “5”. 
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Figure 6.4: Two-phase γ/γ′ microstructure in one of the combinatorial alloys after oxidation, 
labeled “4” in Table 6.2, Figure 6.1, and Figure 6.3.  This alloy composition is predicted to 
lie just outside the two-phase field, in the γ+γ′+µ field (Figure 6.3 field (31)), but it is found 
not to exhibit any µ phase experimentally.  The very fine nature of the γ′ particles is likely 
due to the very short 1 h effective alloy aging time during the oxidation exposure. 
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Figure 6.5:  Bright field TEM image of a FIB lamella of the oxide scale grown on a 
combinatorial sample (Co - 24Ni - 10Al - 9W - 2Cr - 4Ta at.%, labeled “5” in Figure 6.1 
and Figure 6.3) after 1 h in air at 1100°C.  Spot measurements were taken by TEM EDS as 
labeled, and are given in Table 6.3.  There are three general categories of oxides: outer 
oxides closer to the gas interface (blue circles), tungstates (orange circles), and internal 
particles or scale of spinel / alumina, as well as an embedded particle of monoxide (black 
circles).   
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Figure 6.6: Backscattered electron micrographs of oxidized combinatorial samples shown in 
cross-section.  Alloys selected primarily vary in only one component left to right.  The 7b 
alloy in (b) has increased Ni:Co ratio over (a), with the other solute metals fairly constant.  
Likewise, (d) has increased Al compared with (c), (f) has increased W content over (e), and 
(h) has increased Cr content over (g).  All increases lead to thinner scales.  Compositions of 
the unoxidized alloys as measured by SEM EDS are given in Table 6.2, and labeled in 
Figure 6.1 and Figure 6.3 as “6a” – “6h” respectively. 
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Figure 6.7: Backscattered electron micrographs showing the same alloy composition in both 
(a) and (b) (labeled in Figure 6.1, Figure 6.3, and Table 6.2 as “7”) in cross-section after 
oxidation in air at 1100°C for (a) 15 minutes, and (b) 1 hour.  Black particles are internal 
Al2O3, and the lowest lying oxide, shown in black is Al2O3 scale.  As time progresses, the 
underlying Al2O3 grows laterally to form a complete layer. 
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Figure 6.8: In plane views of (a) the scale/substrate interfacial region polished at a slight 
angle relative to the button surface, and (b) the alloy microstructure prior to oxidation.  The 
specimen is the same as in Figure 6.5, and is labeled in Table 6.2, Figure 6.1, and Figure 6.3 
as “5”.  In reference to Figure 6.5, the numbers in (a) correspond to the (1) the layer of 
tungstate and monoxide directly under the thicker monoxide layer, (2) the layer of spinel 
underneath, (3) the IOZ region with a tungstate matrix, (4) the traces of the continuous 
alumina layer surrounding each IOZ pocket, (5) the IOZ region with a Ni-rich oxide matrix, 
and (6) the remaining alloy near the oxide scale.  Note the similarity in grain sizes between 
the unoxidized alloy and the lateral dimension of the IOZ regions near the top, e.g. (3). 
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Figure 6.9: Schematic of the proposed chronology behind the formation of IOZ pockets 
above continuous Al2O3 scale, with features labeled: (1) (Co,Ni)O, (2) mixed oxides, (3) 
(Co,Ni)WO4, (4) Al2O3 IOZ, (5) undercutting Al2O3 scale, (6) bulk alloy, (7) Ni-rich metal, 
(8) Ni-rich oxides.  An IOZ of Al2O3 particles forms within the bulk metal, until a patch of 
semi-continuous Al2O3 forms at some point along the reaction front (t1).  This patch grows 
laterally across the reaction front, until the entire IOZ is closed off from the bulk alloy (t2).  
Growth of the oxide scales continues quickly above the Al2O3 layer, depleting W and Co 
from the metallic IOZ matric, and eventually oxidizing it into Ni-rich monoxide and/or 
spinel (t3).  
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7 Design of a Multicomponent Oxidation Resistant Alloy 

Previous chapters have outlined compositional domains within the Co-Ni-Al-W-Cr-Ta 

system that have promising oxidation behavior.  They also established the underlying trends 

for the dependence of phase equilibria and oxide scale formation on alloy composition.  This 

chapter will demonstrate how the knowledge base established previously can guide the 

identification and development of improved Co-base γ/γ’ alloys, while also advancing the 

scientific understanding of this materials system.  Though the resultant alloy does possess a 

remarkable combination of properties, the purpose of this investigation was not to develop a 

commercially viable material.  Instead, the activity was undertaken as a proof of concept, to 

demonstrate the effectiveness of the discovery and design strategy.   

Additionally, the conditions used for the oxidation experiments have thus far consisted of 

isothermal exposures in air for 1 h at 1100°C.  This was to identify alloy compositions that 

can form a continuous α-Al2O3 scale at this shorter time period.  Such behavior was assumed 

to be a prerequisite for oxidation resistance under more realistic conditions for an engine 

environment: thermal cycling and much longer exposure times.  This chapter will examine 

these more severe exposures on alloys identified as improvements on the baseline. 

The ultimate goal of the development strategy was to create a base alloy that achieves 

both a high-γ’ solvus temperature and adequate oxidation resistance based on the formation 

of a continuous α-Al2O3 layer in air at 1100°C.  The senary composition space was 

anticipated to have sufficient alloying additions to achieve these goals but following the 

history of Ni-base superalloys it is anticipated other alloying additions may be desirable.  
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However, the senary system has been adequate to develop the fundamental understanding of 

the effects of the key elements on alloy behavior.  In general, increased concentrations of Ni, 

Al, W, and Cr all reduce the total scale thickness as described in Chapter 6.  Specifically, Al 

and Cr were found to be the most effective in forming continuous α-Al2O3 scale with 

minimal amounts of other undesirable oxide phases. This chapter will build on these 

findings to arrive at an alloy that meets the targets specified above.  A base senary 

composition can then be alloyed further for enhanced behavior; e.g., reactive elements (RE) 

could be explored to improve scale adhesion [53].  As longer oxidation times are explored, 

the use of PSLS can be extended from detecting the presence of α-Αl2O3 to evaluate the 

stress state in the alumina by piezospectroscopy [119]. 

7.1. Design Approach 

A series of Co-based γ/γ’ compositions, termed DMREF alloys after the NSF program 

sponsoring this work, were designed based on the critical outcomes of Chapter 6, namely  

• The composition regions of more promising oxidation behavior, namely those alloys 

that are able to form continuous α-Al2O3 scale with smaller amounts of overlying 

oxides after 1 h in air at 1100°C.  

• The elucidated dependence of the thermally grown oxide (TGO) on the content of 

individual alloying additions.   

• The role of alloy composition on the formation of phases beyond γ/γ’, especially 

those that might be deleterious to mechanical behavior. 

These insights were combined with phase equilibria calculations using the PANDAT 

PanCobalt-2011 thermodynamic database (CompuTherm LLC, Middleton, WI) [140].  
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Isothermal isoconcentrate (ITIC) sections similar to those in Figure 6.3 were calculated at 

1100°C for the composition regions of more promising oxidation behavior.  The calculated 

γ/γ’ alloy two-phase field of interest was then overlaid with the rapid PSLS screening of 

oxidation results.  From this, compositions predicted to have both more promising oxidation 

behavior and a γ/γ’ microstructure were identified.  The predicted absence of tertiary phases 

was confirmed experimentally from observations in Chapter 6. 

Building on this initially identified region, a potential design space was outlined by 

moving compositionally along directions known to benefit oxidation, and towards the 

corners of the calculated γ/γ’ field (Figure 7.1).  The edges of this design space were selected 

as initial DMREF alloys.  After synthesis and experimental characterization of these alloys, 

further refinements were made to the composition to select for improved oxidation and γ’ 

stability, while staying within the two-phase field.   

Following the design approach, isothermal-isoconcentrate (ITIC) sections were calculated 

for compositions shown in Chapter 6 to yield more promising oxidation behavior. No γ/γ’ 

two-phase field was expected at 1100°C with constant 25.0 at.% Ni, 2.0 at.% Cr, 3.5 at.% 

Ta, so a section was instead calculated at an increased Ni content of 35 at.% to stabilize the 

γ’ phase [19].  The desired γ/γ’ field was present in this higher-Ni ITIC section, and the 

results from PSLS screening of oxidized samples were overlaid on this plot (Figure 7.2).  By 

comparing the samples with more promising oxidation behavior (green) with those in the 

γ/γ’ field(s), an alloy composition with balanced properties was identified and designated as 

2-6G, marked by an asterisk in Figure 7.1 and Figure 7.2 (and previously marked “4” in 

Figure 6.3b).  This alloy would serve as a starting point for the design of the DMREF alloy 
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series.  The composition of this baseline alloy measured by EPMA was Co–32.4Ni–4.4W–

11.7Al–3.3Cr–1.5Ta at.% (Table 7.1).  

From the starting alloy 2-6G as measured by EPMA, the Ta content was increased slightly 

to 3.5 at.% to increase stability of the γ’ phase.  Subsequently, the design space of the 

DMREF alloys was outlined by moving towards the corners of the calculated γ/γ’ phase 

field in directions favorable for oxidation behavior, schematically indicated in Figure 7.1.  In 

this manner, the compositions of alloys DMREF-8 and DMREF-9 were defined.  DMREF-8 

has increased Al content from the starting composition 2-6G, which is known to benefit 

Al2O3 formation.  DMREF-9 has both increased Al and Cr contents over 2-6G, and 

decreased W content to stay within the calculated γ/γ’ phase field.  While reduced W content 

is expected to undesirably increase oxide thickness based on previous experiments in this 

senary alloy space [177], Al and Cr additions were observed to strongly benefit alumina 

formation, and might be expected to outweigh the effect of less of W on oxidation behavior.  

Minor compositional alterations to DMREF-9 were subsequently made to ensure its location 

within a two-phase γ/γ’ field, resulting in DMREF-10, namely lowered Al and raised Ni 

(Table 7.1).   While future alloy designs may desire the presence of tertiary alloy phases, or 

at least tolerate them, the goal of the present approach was to demonstrate the development 

of a two-phase alloy. 

7.2. Experimental Details 

Alloy compositions formulated by the above approach were synthesized via arc melting 

under gettered Ar (<10−10 O2).  Oblate ellipsoidal buttons 11 mm tall by 28 mm diameter 

and ~ 40 g were melted, inverted and remelted three times during synthesis to minimize 

macrosegregation, and then solution treated at 1245°C for 12 h, quenched and aged at 
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1000°C for 50 h under vacuum.  For the third stage of development, 8 kg of alloy DMREF-

10+ was cast by commercial supplier Sophisticated Alloys (Butler, PA) with specifically 

controlled low S content. This ingot was then tested in polycrystalline form, as well as cast 

into single crystals via the process described in Chapter 3. 

Samples for oxidation were prepared as described in previous chapters.  Isothermally 

oxidized samples were injected rapidly into the hot zone of a controlled-atmosphere furnace 

preheated to 1100°C.  Samples were held for the prescribed dwell time, and then extracted 

from the hot zone over the course of 5 minutes.  Cyclic oxidation was performed in 

laboratory air and a tube furnace preheated to 1100°C, with the samples injected and ejected 

automatically using a computer controlled mechanism.  Samples were held at the maximum 

temperature for 1 h and at room temperature for 20 min between cycles.  The effective ramp 

rate was approximately 200°C/min, as shown in Figure 3.3. PSLS [178] was used for initial 

screening of the thermally grown oxide [169].  For piezospectroscopy mapping, a more 

advanced setup with faster acquisition times was used, utilizing a 488 nm incident laser 

(Ar/Kr) of ~140 mW.  The cyan incident laser also shifted the location of the NiO Raman 

peaks away from the α-Αl2O3 fluorescence doublet [151], allowing the frequency shift of the 

doublet to be evaluated more easily.  PSLS mapping of the alumina stress state was 

conducted after 1, 9, 25, 64, 100, and every subsequent hundred thermal cycles.   

After the desired oxidation, samples were prepared for sectioning by sealing the surface 

with adhesive M-bond 610 and curing for 1 h at 175°C.  Sealed samples were embedded in 

epoxy and cross-sectioned, followed by mounting again in epoxy to infiltrate any exposed 

fractures or pores.  The exposed cross-section surface was then finished to 0.05 µm using a 

vibratory polisher with diamond suspension.  The latter was used for the exposed cross-
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sections, instead of alumina suspension, to prevent any embedded grit particles from 

interfering with chemical analysis of the oxide microstructure.  

7.3.  Results 

The compositions and critical temperatures of the alloys investigated in this chapter are 

summarized in Table 7.1.  The findings are described in the following sections. 

7.3.1. First Stage of Development: DMREF 8 and 9 

7.3.1.1. Alloy Microstructure and Physical Properties 

No γ’ phase was detectable in BSE imaging after solution treating for 12 h at 1245°C and 

aging for 50 h at 1000°C) for DMREF-8, as shown in Figure 7.3.  However, evidence for the 

γ’ phase was observed in both DTA (Figure 7.4) and X-ray diffraction (Figure 7.5) of the 

alloy prior to oxidation.  The small endotherms labeled as the γ’ solvi (* in Figure 7.4) in the 

DTA measurements were attributed as such based on prior literature investigations of γ/γ’ 

calorimetry [179]. Furthermore, small amounts of an Al-rich phase, likely β-(Ni,Co)Al, 

appear in addition to the γ/γ’ phases as evident in Figure 7.3(b,d).  DMREF-9 was also 

found to contain small amounts of the Al-rich β phase, but in that case a high fraction of γ’ 

was clearly visible by BSE imaging, e.g. Figure 7.3(d).  The γ’ solvi of DMREF-8 and 9 

were 1226°C and 1195°C respectively (Table 7.1).  The β-phase would not be reasonably 

attributed to the endotherms labeled γ’ in the DTA results due to the small phase fraction. 

7.3.1.2. Short Term Oxidation Behavior 

After isothermal oxidation in air at 1100°C for 1 h, both DMREF-8 and -9 exhibited 

significant α-Al2O3 signal by PSLS.  Microstructural images in Figure 7.6 (c-f) reveal that 

both alloys indeed contained continuous Al2O3 scale, with DMREF-8 having some portions 
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of oxide ~4.5 µm in thickness, and other regions of ~2 µm, for an average oxide thickness of 

3.2 µm.  DMREF-9 had a more consistent average thickness of ~1.9 µm.  The ~2 µm thick 

oxide scale regions in both samples appeared to be primarily Al2O3 overlaid by a layer of 

spinel, while those portions of DMREF-8 that were thicker additionally consisted of outer 

(Co,Ni)O, and an inner region of Al2O3 IOZ embedded within tungstate above the 

continuous Al2O3.  (The microstructure of these IOZ pockets has been discussed at length in 

Chapter 6.)  Based on these alloys outlining the general design space for oxidation resistant 

γ/γ’ Co-Ni-W-Al-Cr-Ta compositions, DMREF-9 was chosen for further refinement based 

on its superior oxidation resistance, and it’s minimally depressed γ’ solvus over DMREF-8, 

despite the higher Cr content. 

7.3.2. Second Stage of Development: DMREF-10 

7.3.2.1. Alloy Composition and Constitution 

While a limited amount of β phase may not necessarily give rise to unacceptable 

mechanical properties, the present exercise was to generate a two-phase γ/γ’ alloy.  As such, 

the arguably undesirable β phase observed in DMREF-9 was removed by slightly lowering 

the Al content, and raising the Ni content to increase the Al solubility, i.e. to expand the size 

of the γ/γ’ two-phase field.  The result was DMREF-10, which had a high γ’ phase fraction 

cuboidal γ’ morphology with no additional alloy phases after heat treatment, (Figure 7.7a).   

7.3.2.2. Short term Isothermal Oxidation 

Oxidation for 1 h in air at 1100°C revealed alumina formation, with a total oxide scale 

thickness ~2 µm, e.g. Figure 7.7(b,c).  More in-depth analysis by TEM, shown in Figure 7.8 

identified the phase and compositions summarized in Table 7.2.  The scale after 1 h 
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consisted of occasional outer (Co,Ni)O monoxides, layers of spinel Co(Al,Cr)2O4, particles 

of tantalate (Co,Ni)(Ta,W)2O6, mixed oxides, and finally continuous Al2O3 scale.  The 

presence of such tantalates is a notable difference from the prior DMREF-8 and 2-6G 

samples, which were instead observed to have tungstate (not observed in DMREF-10).  

Underneath these oxides was an alloy depleted in Al, followed by high aspect-ratio particles 

that appeared to be aluminum nitrides as opposed to oxides (cf. Table 3.2).  Finally, the 

density of the pristine DMREF-10 alloy was measured to be 8.65 g/cm3, comparable to the 

2nd generation Ni-base superalloys used in aero engines (Figure 7.9). 

7.3.2.3. Longer Isothermal Exposure and Cyclic Oxidation 

Though a thin, adherent alumina scale was observed on the DMREF-10 alloy after 1 h in 

air at 1100°C, the oxidation behavior was less ideal at longer 50 h exposures of hot time, 

both isothermal and cycling (Figure 7.10).  The oxide scale formed was found to be still 

relatively thin, ~4 µm in both the isothermal and cyclic exposures, with a correspondingly 

small underlying γ’ denuded region of ~7 µm in the isothermally oxidized sample and ~5 

µm in the cyclic sample.  Yet almost the entire oxide had spalled, delaminating between the 

alumina layer and underlying metal as shown clearly in Figure 7.10(a).  Measuring the 

weight gain over time during 1100°C cyclic oxidation (Figure 7.11), the DMREF-10 alloy 

exhibited an initial rapid gain of 0.5 mg/cm2 by 1 h, which remains fairly constant until 5 h, 

where the sample rapidly loses mass for a zero mass-gain (ZMG) between 15-25 h.  In 

comparison, a piece of single crystal René N5 had a much lower mass gain of 0.1 mg/cm2 by 

1 h, which continued to increase parabolically with a rate constant of ~0.001 mg2/cm4h for 

the first 350 h (total weight gain of 0.64 mg/cm2 after 350 h) and did not experience 

significant mass loss through 1000 h. 



 

 159 

7.3.3. Third Stage of Development: DMREF-10+ 

The DMREF-10 composition was then modified with small RE additions of Hf and Y, as 

well as grain boundary strengtheners C and B, to yield an alloy designated as DMREF-10+.  

After commercial casting and analysis by ICP, the alloy was measured to have a low-sulfur 

content of 0.7 ppmw (Table 7.1).  The ingot was then used in both polycrystalline form, 

denoted “DMREF-10+PX”, and cast into single crystals using a Bridgman furnace.  The 

latter was designated as “DMREF-10+SX”.  Aside from these changes to the grain structure, 

there were no observed differences in alloy microstructure.  Prior to solution heat treatment, 

EPMA was conducted (courtesy of Gareth Seward and Sean Murray at UCSB) on a single 

crystalline piece to conduct Scheil analysis of solidification segregation (Figure 7.12), with 

estimated average partition coefficients given in Table 7.3.  Furthermore, EPMA of the alloy 

after solutionizing verified that the compositions had been appropriately homogenized 

between the dendritic and interdendritic regions.   

BSE microscopy of the unoxidized alloy after heat treatment revealed a very similar 

microstructure to that of DMREF-10, cf. Figure 7.7(a,d).  Upon cyclic oxidation, however, 

DMREF-10+ excelled over its unmodified counterpart (Figure 7.11).  A polycrystalline 

sample experienced 0.32 mg/cm2 weight gain after 1 h, while single crystalline samples 

experienced gains of 0.38 mg/cm2 after 1 h.  The zero net-mass gain point (ZMG) for 

DMREF-10+PX was not observed until between 450 and 500 one-hour cycles, while single 

crystalline samples reached the ZMG between 250-350 h, and Ni-base René N5 did not 

experience significant mass loss through over 1000 cycles.  Analysis of the DMREF-10+PX 

sample after 500 h of cyclic exposure at 1100°C shows large oxide nodules forming along 

the edges and corners of the sample (Figure 7.13).  In cross-section, it was observed that 
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while the majority of the sample surface consists of a continuous alumina layer overlain by 

spinels and tantalates (Figure 7.13c), significant oxide growth is experienced along the 

geometrically sharp features of the sample (b).  These large nodules are observed to be 

somewhat friable, and to consist of repeated layers of refractory oxide and spinel, as well as 

a thick outer layer of monoxide.  However, it should be noted that a continuous layer of 

alumina was still present under these thick nodule regions.  Closer analysis of the oxides 

present along the flat faces of this sample via TEM of a FIB lamella is shown in Figure 7.14.  

The oxide features were nominally identified based on TEM EDS, and were fairly similar to 

the features observed on DMREF-10 after 1 h exposure.  There is an inner continuous layer 

of Al2O3 (5), above which lay tantalate particles with some solubility for Ni and W, 

(Co,Ni)(W,Ta)2O6 (3) sandwiched between two layers of spinel, the inner (4) (Co,Ni)Al2O4, 

and the outer containing some Cr, (2) (Co,Ni)(Al,Cr)2O4.  Finally, there is a layer of large-

grained spinel (1), of the same composition as the underlying small-grained spinel layer.  

This differs from the 1 h exposure of DMREF-10, which only had occasional small grains of 

monoxide above a fine-grained spinel layer (Figure 7.8, point 1).   

One factor influencing spallation behavior of TGO scale is the coefficient of thermal 

expansion (CTE) mismatch between the oxides and metal substrate.  Dilatometry 

measurements of the alloys and polycrystalline Al2O3 are presented in Figure 7.15, showing 

that the mean CTE was not drastically different between René N5 and DMREF-10+, 

especially at the oxidation temperature 1100°C.  Finally, PSLS measurements of the α-Al2O3 

stress state at various stages of the cyclic oxidation are shown in Figure 7.16, comparing 

DMREF-10+SX with single crystalline René N5.  After the first oxidation cycle, both 

samples have a residual stress of ~4.5 GPa.  However as exposure progresses, the stress in 
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the Ni-base René N5 sample remains fairly constant, while that in DMREF-10+ 

continuously increases through 300 h to ~7.5 GPa.   

7.4. Discussion 

7.4.1. Alloy Phase Stability 

With the current set of experimental results obtained in the course of these investigations 

it is possible to provide some assessment of the accuracy of the PanCobalt-2011 database.  

Although the DMREF-8 and -9 compositions are predicted to lie within a two-phase γ/γ’ 

field, both have some amount of the Al-rich β phase.  This is not unexpected, as the 

compositions lie close to the three-phase γ/γ’/β field, and the phase fraction of β observed 

experimentally is fairly small.  Moreover, the combinatorial buttons often contained 

additional phases beyond those predicted by the calculated ITIC sections.  The inference is 

that the phase fields and boundary locations are reasonably accurate, as discussed previously 

in Chapter 6.  While it is more difficult to validate the presence of the γ’ phase via 

microscopy (as noted for DMREF-8, cf. Figure 7.3 and Figure 7.5), measured γ’ solvi and 

solidi temperatures from DTA can then be compared with PANDAT predictions, as shown 

in Table 7.1.  The fact that the γ’ precipitate size in DMREF-8 is too small to be observed in 

the micrographs may be attributed to its higher content of Ta and W, delaying coarsening 

behavior.  Overall, there is good agreement between the database and experiments, with the 

predicted temperatures typically within 50°C of measurements.  With these results in mind, 

one implication for alloy design is that there may be more design space available for 

DMREF alloys in the direction of increasing W content.  Since the phase boundaries 

calculated are not exact, and no µ phase was detected in any of the experimental DMREF 
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alloys so far, there may be flexibility to move in this direction before precipitating 

undesirable µ particles. 

7.4.2. Oxide Features 

First, there are interesting comparisons between the DRMEF-8, DMREF-9, and the 

starting alloy 2-6G derived from the combinatorial exercise (Figure 7.6).  While both 

DMREF alloys have thinner average scales, DMREF-8 does exhibit a similar scale 

morphology to 2-6G, notably in the IOZ pockets of alumina particles embedded in tungstate 

and underlain by a continuous alumina scale.  However, these IOZ pockets are fairly 

uniform laterally, unlike the combinatorial alloy displaying noticeably hemi-ellipsoidal 

regions of moderate aspect ratio above a more convoluted alumina layer.  As discussed in 

Chapter 6, it was found that the IOZ pockets in the combinatorial samples were of the same 

size range as the grain size, ~7 µm.  Since the DMREF alloys were arc-melted, they exhibit 

grain sizes orders of magnitude larger, ~1 mm.  Thus, alloy grain boundaries are much less 

likely to impact the representative oxidation behavior. 

The presence of IOZ is avoided entirely in the case of DRMEF-9 and -10, instead 

consisting of continuous alumina overlain by thin amounts of other oxides.  Interestingly, 

discrete particles of refractory oxides towards the top of the scale stack, next to a continuous 

spinel layer, are another common feature across many of the investigated alloys.  In the 

combinatorial alloys previously (Chapter 6, Figure 6.6, point 3), discrete tungstate particles 

CoWO4 were observed in-between outer monoxide (Co,Ni)O and underlying aluminum 

spinel (Co,Ni)Al2O4.  The oxides on DMREF-10 and -10+ samples are morphologically 

similar but the refractory oxide in this case is the tantalate (Co,Ni)(Ta,W)2O6. Since 

monoxides were rarely observed, these particles are sandwiched between two aluminum 
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spinel layers (Co,Ni)Al2O4, with the upper layer having some Cr solubility.  The change in 

refractory oxide phase is logical in that DMREF-9 and -10 both have significantly reduced 

W content and increased Ta content compared with DMREF-8 and the aforementioned 

combinatorial alloys.  The lack of a monoxide layer in the case of DMREF-9 and -10 occurs 

concomitantly with lesser overall amount of oxide scale, and is likely attributed to the higher 

Al content favoring formation of aluminum spinel and a more rapid onset of alumina 

formation prior to any monoxide layers.  As mentioned in the last chapter, tungstates were 

postulated to be forming as discrete particles higher up in the scale stack, and separate from 

the large amount of tungstate embedding the IOZ alumina, because they are the result of 

rapid initial oxidation at the original alloy surface.  If that were the case, a similar process 

may be occurring in DMREF-9 and -10 whereby rapid initial oxidation at the alloy surface 

forms tantalate particles due to the lack of Ta solubility in the other surrounding oxides.  

Underlying layers of spinel and alumina could then form by continued oxidation, in an 

undercutting manner similar to that proposed by Stott et al. [174].  

One unexpected observation is the presence of high aspect ratio AlN particles within the 

depleted alloy region under the oxide scales.  These nitrides are undesirable, as they absorb 

Al necessary to maintain alumina scale growth, but they were only observed in the arc-

melted samples, DMREF-8, -9, and -10.  DMREF-10+ has approximately the same baseline 

composition as DMREF-10, however it was made by a commercial supplier, and does not 

exhibit nitride formation.  Nor do any of the combinatorial alloys produced by IPD. One 

might hypothesize that N might have been introduced during arc melting, perhaps due to a 

small leak. However, nitrides were not observed in the as-heat treated alloys and are only 

observed after oxidation, suggesting N is unlikely to have introduced during melting or the 
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solutionizing treatment., Furthermore, the presence of nitrides underneath the alumina layer 

despite the lower affinity of nitrogen for Al relative to that of oxygen (ΔG°AlN = -346 kJ/mol 

vs. ΔG°Alumina = -1746 kJ/mol at 1100°C [180]), suggests that the nitrides form upon cooling, 

after TGO formation has occurred.  Regardless of the N source, the lack of nitrides in non-

arc melted samples suggests this behavior is not representative of the alloy compositions at 

large. 

7.4.3. Cyclic Oxidation Behavior 

It is evident that the modified alloy DMREF-10+ successfully improved the cyclic life 

relative to DMREF-10, as measured by the ZMG time, by over 200 hours (Figure 7.11).  

Yet, while the initial mass gain within the first few cycles was reduced, it was still greater on 

DMREF-10+ than on René N5.  Furthermore, the ZMG time of DMREF-10+ was 

significantly below that for René N5, which does not exhibit a net mass loss by 1000 h.  

Thus, it should be discussed what causes these differences in behavior. 

The coefficients of thermal expansion between DMREF-10 and -10+ should not change 

significantly with the small alloying additions, and DMREF-10+ itself is found to have a 

CTE very similar to René N5 (Figure 7.15).  Therefore, the stress evolved due to CTE 

mismatch between alloy and TGO alumina should be approximately the same in both these 

Co-base and Ni-base alloys.  This conclusion is supported by PSLS mapping of the α-Al2O3 

stress state after 1 h exposure (Figure 7.16), where DMREF-10+ and René N5 both 

exhibited approximately 4.5 GPa of presumably biaxial stress [119].  The driving force for 

scale spallation, energy release rate (ERR), is also a function of scale thickness [41].  The 

two DMREF alloys had total scale thicknesses of ~2.5 µm, compared with ~0.7 µm on René 

N5, and thus the ERR will be greater for the DMREF-10 and -10+ systems than for René 
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N5, despite the similar stress states.  (It is acknowledged that the scale is not comprised 

solely of alumina, and the effective CTE of the TGO may be different for the Co alloys than 

for N5, but it is assumed for simplicity that the thickness effect is probably dominant.) As 

exposure continues, it is also notable that the stress state in DMREF-10+ evolves 

significantly to ~7.5 GPa, while the stress state on René N5 remains relatively constant 

(Figure 7.16).  The cause of this evolution is not obvious, and will likely require more in-

depth TEM and EDS observation of the alumina TGO and overlying oxide layers.  One 

likely explanation is that as high temperature exposure continues, counter-diffusion of Al 

and O along alumina grain boundaries forms additional oxide within the pre-existing layer, 

leading to an in-plane compressive strain.  Similar results have been observed by Tolpygo et 

al. in alumina-forming FeCrAl alloys investigated by PSLS [71,181].  The evolution of 

residual stress in TGO over time is a competitive process between CTE mismatch, growth 

stresses within the scale, and relaxation of stress due to oxide and metal substrate creep.  

Thus, a proper evaluation of why DMREF-10+ exhibits evolution of a much greater residual 

α-Αl2O3 stress than in René N5 will require comparing the high temperature creep between 

the alloys.  Reactive element additions have also been shown to alter counterdiffusion of Al 

along α-Al2O3 grain boundaries due to segregation phenomena [182].  One may anticipate 

that TEM EDS of TGO grain boundaries may shed light on the differences between the 

oxides that can give rise to changes in growth stress.     

Beyond the driving forces for spallation, there is also the interfacial toughness between 

the alloys and TGOs, which must be overcome for delamination to occur.  Unfortunately, 

interfacial toughness is very difficult to directly measure experimentally [183].  However, it 

is known that interfacial adhesion is deleteriously affected by the presence of sulfur, and 
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benefitted by the presence of RE additions [10]. TEM EDS investigations should also be 

conducted on the alloy-TGO interface to assess differences in elemental partitioning at that 

location as well.  Based on the low ICP measurements of sulfur content in both the arc-

melted DMREF-10 and commercially cast DMREF-10+, it seems more likely that RE 

additions would be affecting this interface more so than sulfur content.  The observed higher 

stress state on DMREF-10+ also informs the observed failure mechanism of DMREF-10+ at 

higher cycle numbers, where the majority of the sample surface has a thin, adherent alumina 

scale, but many large nodules of oxide have occurred at the edges and corners (Figure 7.13).  

This is likely the result of periodic spallation of the oxide at corners and edges due to the 

geometric stress-concentrations as the oxide tends to expand laterally at these locations.  

This leads to increased and repeated TGO fracture and reformation, giving rise to the 

repeated layers of oxide observed to pile up within these corner ‘nubs’ (Figure 7.13b).  Such 

an oxidation process would likely dominate the overall sample weight gain measured, and 

account for the observed non-parabolic behavior (Figure 7.11).  Aspects of sample geometry 

acting as stress-concentrators would also explain the greater mass gain of the DMREF-10+ 

samples cut as discs vs. that cut as a parallelepiped, and the fact that these discs exhibit a 

reduced ZMG time (Figure 7.11).  Indeed, greater amounts of oxide nodules were observed 

along the rounded circumference of the buttons relative to the flat side faces on the 

parallelepiped.  

7.4.4. Effects of Grain Structure 

In general, it is expected that enhanced diffusion along alloy grain boundaries would aid 

in the establishment of continuous alumina scale.  Indeed, the formation of a convoluted 

alumina layer undercutting discrete IOZ “pockets” observed in combinatorial samples was 
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attributed to grain boundary effects in the IPD alloys in Chapter 6.  In that case, the alloy 

synthesis technique led to a very small ~7 µm grain size, and correspondingly IOZ pockets 

of a similar scale (Figure 6.8).  It is to be expected that in the present arc-melted samples, 

with ~1 mm grains orders of magnitude larger than the IPD alloys, the TGO would 

correspondingly be less influenced by grain boundary diffusion.  Indeed, the alumina scale 

in the case of the DMREF alloys is much more uniform.  While continuous Al2O3 still 

undercuts a layer of IOZ particles in the case of DMREF-8 (Figure 7.6), the scale is 

essentially flat.  If the DMREF alloys were less prone to alumina formation, the lack of alloy 

grain boundaries to act as continuous scale initiation sites might lead to more problematic, 

thicker oxide scales overlying extensive IOZ regions.  As is, the DMREF alloys all have 

sufficient alloying additions to form continuous Al2O3 via predominantly bulk diffusion.  

One can further compare the behavior of DMREF-10+PX vs. SX in Figure 7.13(a), Figure 

7.16(b).   

Differences in weight gain during cyclic oxidation between these samples (Figure 7.11) 

were attributed to the differences in geometry, with disc-shaped SX pieces and the 

parallelepiped PX sample.  Primary mass gain and loss was observed to occur from large 

nodules forming along sample edges and corners, and in the case of the disc samples, along 

the curved circumferential face.  Visibly, the primary difference between the PX and SX 

oxides was the outlining of the grain structure in the PX sample by gray oxide patches 

overlying the blue spinel layer (Figure 7.13a).  In the SX sample, such coloration was more 

uniform across the entire surface (Figure 7.16b).  These differences likely arise from minor 

changes in oxide layers overlying the continuous Al2O3 and spinel layers (e.g. the formation 

of refractory-rich particles on the surface, seen in Figure 7.13c as white particles), and may 
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be attributed to the different grain-orientations exposed air in the PX sample, vs. the uniform 

(001) surface of the SX sample.  These small changes can be verified by cross-sectioning an 

SX sample, and by conducting EBSD on the cross-sectioned PX sample to compare grain 

orientation with overlying TGO structure.  

7.5. Synopsis 

The design process and experiments discussed herein have demonstrated not only a new 

Co-base γ/γ’ alloy with an unprecedented combination of oxidation resistance and high γ’ 

solvus, but also the efficacy of combining high throughput experimental techniques with 

computational modeling for the alloy design process.  The resultant DMREF-10+ alloy 

exhibits a γ’ solvus of 1204°C, forms a ~2.5 µm oxide scale containing continuous alumina 

after 1 h at 1100°C, and is able to withstand cyclic oxidation for over 200 h before reaching 

the onset of net mass loss.  The PSLS technique used to aid in the initial DMREF series 

design process also demonstrates that stress evolution in the TGO α-Αl2O3 is of great 

importance to cyclic behavior, as continued stress generation is a major factor in DMREF-

10+ not occurring in Ni-base René N5.  The combined ITIC diagrams used to develop the 

DMREF-10+ alloy also suggest there may be additional room within the design space with 

increasing W content.  Finally, further refinement of the DMREF-10+ composition will 

likely involve analysis of how low-concentration elements such as the RE additions partition 

to and affect interfacial toughness at the alloy-TGO interface, and diffusion along alumina 

grain boundaries.  Overall, the design approach has yielded a very promising Co-base alloy 

for commercial development, and has provided insight into how Co-base γ/γ’ alloys may be 

optimized in the future. 



 

 169 

7.6. Figures and Tables 

Table 7.1: Alloy compositions and corresponding solidi and solvi.   
Composition changes for each alloy involved in the development are shown in bold. 

Alloy 2-6G DMREF-8 DMREF-9 DMREF-10‡ DMREF-10+‡ 

Ni:Co (at.%) 0.7 0.87 0.87 0.93 0.94 

Co (at.%) 46.6 40.0 40.5 39.8 39.4 

Ni (at.%) 32.4 34.9 35.2 37.1 36.8 

Al (at.%) 11.7 14.0 14.3 13.1 13.3 

W (at.%) 4.4 4.4 1.0 1.0 1.0 

Cr (at.%) 3.3 3.3 5.9 5.5 5.8 

Ta (at.%) 1.5 3.5 3.2 3.5 3.5 

C (at.%) - - - - 0.06 

B (at.%) - - - - 0.08 

Y (at.%) - - - - 0.004 

Hf (at.%) - - - - 0.026 

S* (ppmw) - - - 1.8 0.7 

Tsolvus,°C (PANDAT) 1112 1216 1244 1229 1240 

Tsolidus, °C (PANDAT) 1370 1277 1262 1300 1275 

Tsolvus, °C (DTA) - 1226 1195 1200 1204 

Tsolidus °C (DTA) - 1324 1328 1343 1329 

‡ Composition measured by ICP,  all others by EPMA 
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Table 7.2: TEM EDS measurements of the features observed in  
DMREF-10 after 1h air 1100°C exposure (at.%). 

Point Nominal Phase Ni:Co Co Ni Al W Cr Ta O N 

1 (Co,Ni)O 0.9 27 24 - - - - 50 - 

2 CoAl2O4 0.4 13 5 42 - 1 - 38 - 

3 Co(Al,Cr)2O4 0.3 14 4 26 - 13 - 43 - 

4 (Co,Ni)(Ta,W)2O6 0.5 9 4 4 2 2 25 54 - 

5 Mixed 0.7 6 4 34 - 3 1 53 - 

6 Al2O4 - - - 39 - - - 61 - 

7 Depleted Alloy 0.9 44 39 5 1 6 4 - - 

8 AlN 0.9 3 3 54 - - - 1 38 
 

Table 7.3: Fit segregation parameters for DMREF-10+SX, compared  
with literature values of Co- and Ni-base alloys,  

with values greater than 1 reflecting partitioning to dendrite cores 
Alloy Co Ni Al W Cr Ta Re Mo 

DMREF-10+ 1.04 0.99 0.96 1.19 1.04 0.68 - - 
Co-base “CrTa” [40] 1.01 - 0.96 1.01 0.99 0.61 - - 

CMSX-4 [184] 1.09 0.89 0.91 1.18 1.00 0.89 1.40 1.12 
         

 

 

 

 



 

 171 

 
Figure 7.1: ITIC sections at 1100°C through Co-Al-W at constant 3.2 (top) or 6.0 (bottom) 
Cr – 3.5 Ta – 35.0 Ni at.%, with the compositions of button 2-6G (*), DMREF-8, and 
DMREF-9 plotted, as measured by EPMA.  Compositional effects on oxidation behavior are 
marked with red arrows if deleterious, and green if beneficial, based on prior studies in this 
composition space [177]. 
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Figure 7.2: ITIC section at 1100°C through Co-Al-W at a constant 2.0Cr, 3.5Ta, and 35.0 Ni 
at.%, with overlaid PSLS assessment of oxidation behavior.  The composition of button 2-
6G as measured by SEM EDS is marked (*), and lies within regions of both more desirable 
oxidation behavior (green) and the calculated γ/γ’ two-phase field.  It is noted that 
subsequent compositional analysis by EPMA found that this composition (*) was actually 
slightly lower in Ta content than observed by SEM EDS (c.f. Table 7.1).  This composition 
is also labeled on Figure 6.4(b) as ‘5’.  The ITIC section in this figure would appear 
approximately as a vertical slice (W isoconcentrate line) through that of Figure 6.4(b). 
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Figure 7.3: Alloy microstructure after heat treatment of DMREF-8 (a,b) and DMREF-9 
(c,d).  An Al-rich β tertiary phase is frequently observed (dark grey) in both alloys.  
Cuboidal γ/γ’ is seen in DMREF-9 at high magnification (d) where γ’ is the brighter 
particles and γ appears as darker channels.  Individual γ’ precipitates are not distinguishable 
from the γ matrix in DMREF-8 (b), however DTA and XRD verify their presence (Figure 
7.4 and Figure 7.5) 
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Figure 7.4: DTA heating curves of DMREF-8, 9, and 10 (vertically offset for clarity).  
Features marked are the γ’ solvus (*) [179], solidus (†), and liquidus (•). 
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Figure 7.5: XRD scan of DMREF-8, exhibiting reflections from both the γ and γ’ phases 
[19]. 
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Figure 7.6: (a,b) 2-6G, (c,d) DMREF-8, and (e,f) DMREF-9 in cross-section after 1 h air 
1100°C.  Oxide features on the combinatorial button are labeled: (0) mounting epoxy, (1) 
outer (Co,Ni)O, (2) spinel (Co,Ni)Al2O4 layer, (3) tungstate (Co,Ni)WO4 embedding Al-rich 
IOZ particles,  (4) Ni-rich oxides embedding Al-rich IOZ particles, (5) continuous Al2O3 
scale, and (6) the underlying alloy. 
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Figure 7.7: DMREF-10 (a,b,c), DMREF-
10+PX (d,e,f), and René N5 (g,h,i) 
showing the unoxidized microstructure 
(a,d,g), and oxide scale in cross section 
after 1 h in air at 1100°C (b,c,e,f,h,i).  
Alloy morphology and oxidation behavior 
is almost identical between DMREF-10 
and -10+.  René N5, however, exhibits 
brighter γ channels than γ’ precipitates (g) 
due to changes in W partitioning behavior 
over the Co-systems.  The TGO on René 
N5 is also almost entirely Al2O3 scale. 
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Figure 7.8: Bright-field TEM micrographs (stitched) of DMREF-10 oxidized for 1h in air at 
1100°C (cf. SEM BSE micrograph, Figure 7.7b,c).  Labeled points correspond to TEM EDS 
measurements (Table 2), and are nominally identified as (*) voids,  (0) epoxy,  (1) 
(Co,Ni)O,  (2) CoAl2O4,  (3) Co(Al,Cr)2O4,  (4) (Co,Ni)(Ta,W)2O6,  (5) mixed oxides,  (6) 
Al2O3,  (7) metal within the alloy depletion region, and (8) AlN. 
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Figure 7.9: Experimental Co alloy density as measured by Archimedes method, compared 
with commercial superalloys (g/cm3) [6]. 
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Figure 7.10: Alloy DMREF-10 after (a) 50 h isothermal exposure, and (b) 50 h of cyclic 
oxidation, 1 h per cycle, at 1100°C in air.  While both the oxide scale itself and the 
underlying alloy depletion region are both relatively thin, significant spallation is observed 
at the alumina – alloy interface in both exposure conditions. 
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Figure 7.11: Weight gain per area of Ni-base alloy René N5 vs. Co-base alloys DMREF-10 
and DMREF-10+ (with RE additions Table 7.1), during 1 h cycles in air at 1100°C.  ZMG 
points are labeled ‘X’.  Samples were polished on all sides to 1200 grit finish, and were 
parallelepiped-shaped unless otherwise marked.  Part (a) is a zoomed-in section of part (b). 
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Figure 7.12: Scheil analysis of EPMA composition data from as-cast single-crystalline 
DMREF-10+.  Data is arranged from high to low Co content, to match measurements of 
dendrite cores vs. interdendritic regions.  Fit partition coefficients are listed in Table 7.3. 
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Figure 7.13: Alloy DMREF-10+PX after 500 h cyclic exposure at 1100°C in air.  (a) 
Macroscopic optical image of the sample surface, showing large nodules of oxide forming 
along the sample edges, (b) those edges in backscattered electron microscopy, and (c) the 
thin, intermediate scale along the flat sample faces. 
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Figure 7.14: Bright field TEM micrograph of alloy DMREF-10+PX after 500 h cyclic 
oxidation at 1100°C.  Features are nominally identified based on TEM EDS measurements: 
(*) voids, (0) Pt deposited during FIB, (1) large grained (Co,Ni)(Al,Cr)2O4 spinel, (2) small 
grained spinel of similar composition to feature one, (3) (Co,Ni)(Ta,W)2O6, (4) 
(Co,Ni)Al2O4, (5) Al2O3, and (6) the underlying alloy. 
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Figure 7.15: Mean coefficients of thermal expansion of Ni-base alloy René N5 and Co-base 
alloy DMREF-10+ from room temperature to 1200°C, in comparison with polycrystalline α-
Al2O3.  The thermal expansion at 1100°C is observed to be very similar between the two 
alloys. 

 

400 600 800 1000 1200
0

5

10

15

20

Temperature (°C)

M
ea

n 
C

TE
(p

pm
 /°C

)

-10+PXDMREF
René N5
Alumina



 

 186 

 
Figure 7.16: (a) PSLS maps of the stress states within α-Al2O3 TGO scale on single-
crystalline Ni-base René N5 (left) and Co-base DMREF-10+SX measured after various 
thermal cycles at 1100°C in air.  Maps were taken from the edge of cylindrical buttons, as 
shown in (b) optical images after 300 cycles (samples #1 in Figure 7.11).  Residual stress at 
room temperature is observed to remain fairly constant at ~4.5 GPa between 1 to 300 h in 
René N5, while increasing dramatically from ~4.5 to ~7.5 GPa in DMREF-10+SX between 
1 to 300 h. 
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8. Conclusions and Recommendations 

The primary goal of these investigations was to systematically explore Co-alloy 

composition space, developing an experimental basis for how composition affects oxidation 

behavior and phase stability.  This goal is part of a larger effort to broaden scientific 

understanding of the Co-base γ/γ’ alloy system and its potential as an alternative to Ni-base 

γ/γ’ superalloys.  To this end, high-throughput experimental methods and computational 

techniques were combined to assess the Co-Ni-W-Al-Cr-Ta senary system, and 

subsequently higher-order systems once desirable properties were achieved. 

It was found that forming the desired TGO comprising continuous α-Al2O3 scale with 

minimal amounts of overlying oxide is non-trivial in Co-base γ/γ’ alloys.  Instead, a non-

protective alumina IOZ is often observed, leading to substantial oxide formation and 

substrate metal degradation.  In these scenarios, the external oxides formed over alumina are 

typically (Co,Ni)O, spinel (Co,Ni)(Al,Cr)2O4, and tungstates (Co,Ni)WO4.  With reduced W 

content and increased Ta concentration, the tungstate oxides may be superseded by 

equivalent tantalates (Co,Ni)Ta2O6.  Closer investigation of oxide compositions across the 

scale stack show the Ni:Co ratio in the monoxide is lower (more Co-rich) than in the 

substrate alloy, and the Ni:Co increases within the tungstate layer with increased distance 

from the oxide-gas interface.  Such behavior has the potential of leaving lower portions of 

the scale stack significantly Ni-rich.  A continuous alumina layer underneath thick internal 

oxidation zones (IOZ) has frequently been observed, and is shown to grow via lateral 

propagation of initial Al2O3 patches.  The IOZ pockets are in the size range of the alloy 

grain structure, suggesting enhanced diffusion along alloy grain boundaries is playing a role 
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in initiating continuous scale growth.  Indeed, samples with larger-sized grains display a 

less-convoluted alumina scale.    

Experiments using PSLS have demonstrated that α-Al2O3 is generally detectable 

underneath these outer oxides, and can thus be used as a screening technique for more 

desirable alumina-forming compositions.  PSLS sensitivity to the α-Al2O3 has been shown 

to be a function of both oxide thickness and composition.  CoO is more attenuating to the 

PSLS signal than NiO, and this behavior is attributed to the differences in oxide 

absorptivity.  No significant characteristic spectra were observed on TGO of the other 

constituent oxides (Co, W, Cr, Ta) within the frequency range of interest (1.42 – 1.48 µm−1), 

with the exception of the NiO peaks.  Yet these peaks at ~1.43 and 1.47 µm−1 were seen to 

be attenuated by Co solubility in the monoxide.  Instead, a low-intensity, broad peak at 

~1.48 µm−1 arose from the mixed (Co,Ni)O, as well as CoAl2O4 oxides. 

PSLS was used to screen the oxidation behavior of a large set of different Co-base alloys 

created from combinatorial synthesis.  After 1 h in air at 1100°C, the following region was 

identified to offer more promising oxidation behavior: ≥11 at.% Al, ≥4 at.% Cr, between 7 – 

10 at.% W, and ≥26 at.% Ni, exhibiting relatively thin oxides overlying a continuous 

alumina scale.  Increasing Al and Cr concentrations were most beneficial for reducing total 

scale thickness, followed to a lesser extent by increasing W and Ni contents.  DFT 

calculations show that the influence of tungsten on alumina formation may be due to its 

effects on the chemical potentials in the alloy system.  In essence, W additions increase µAl 

in the Ni-base system and decrease it in the Co-base system.  Many of the alloys exhibiting 

desirable alumina formation also precipitate out less-desirable alloy phases, β-NiAl and µ-

Co7W6.  Alloys are more prone to form these phases at higher Ni, W, Al, and Cr 
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concentrations.  Yet it has been confirmed that a Co-base alloy in this senary space can 

achieve two-phase γ/γ’ morphology while exhibiting alumina-forming behavior.  The 

approximate composition designated as 2-6G, namely  Co - 32Ni - 4W - 12 Al - 3Cr – 2Ta 

at.% was identified as a starting point for further alloy development.  

Applying a CalPhaD database (PanCo-2011/-2018), a series of alloys designated 

“DMREF” were explored by moving from the initial 2-6G composition in directions 

demonstrated to favor oxidation behavior, while still remaining within the calculated γ/γ’ 

phase field.  The resultant alloy, DRMEF-10 (Co - 27Ni - 1W - 13Al - 6Cr - 4Ta at.%) 

achieved a combination of properties exceeding those demonstrated in the literature for 

cobalt alloys to date.  These include i) continuous α-Al2O3 formation after 1 h in air at 

1100°C, ii) γ’ solvus temperature ~1200°C, iii) a precipitate phase fraction exceeding 50% 

at 1000°C, and iv) a density comparable to 2nd generation Ni-base superalloys.  Upon cyclic 

oxidation, the DMREF-10 composition experienced net mass loss after ~15 h at 1100°C, but 

this was successfully extended via micro-alloying additions of C, B, Y, and Hf, (“DMREF-

10+”) to over 300 h.  This zero mass gain (ZMG) point is still far below that of René N5, 

which does not experience net mass loss in air at 1100°C even after 1000 h.  Based on oxide 

microstructure, this inferior behavior is seen to arise from significant oxide formation and 

spallation at the sample edges and corners. Such behavior is attributed to greatly increased 

α-Al2O3 compressive stress over time, causing spallation at sharp features acting as stress 

concentrators.  While the causes of increased stress in the DMREF-10+ sample remain to be 

elucidated, PSLS piezospectroscopic measurements have confirmed differences in residual 

stress. Both alloys exhibit ~4.5 GPa in the alumina scale after 1 h, but DMREF-10+ is seen 

to increase to ~7.5 GPa by 300 h, while the stress in René N5 remains relatively constant.  
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Lastly, CalPhaD calculations and experimental castings demonstrate that DMREF-10+ 

exhibits resistance to freckle formation from melt density inversion during solidification, 

and this alloy has been successfully cast as single crystal pieces.  

In summary, Co-base alloys with high γ’ solvi and continuous α-Al2O3 forming behavior 

are possible, and design space exists for further refinement.  The investigations presented 

herein provide a foundation for the effects of compositional changes on alloy behavior 

around this space.  An important limiting alloy design has been that compositional increases 

that benefit oxidation behavior (increased Ni, W, Al, Cr) are limited by the eventual 

precipitation of nominally undesirable β and µ phases, as well as reduction in γ’ solvus in 

the case of Cr additions.  Arriving at a desirable balance of alloy properties is greatly aided 

by application of a thermodynamic database, allowing estimation of the solvi and solidi, as 

well as predictions of the phase field boundaries.   

It is recommended that further work on such Co-base γ/γ’ alloys is fed back into 

refinement of CalPhaD database to aid in further alloy design.  Oxidation behavior under 

cyclic exposure conditions should be investigated in further detail to identify and mitigate 

the causes of increased stress in α-Al2O3 TGO in the cobalt system.  This likely involves 

high resolution TEM and EDS of boundaries and interfaces within the TGO.  Comparisons 

should be made between DMREF-10+ and René N5 with respect to any differences in 

elemental segregation, and RE alterations to the DMREF-10+ composition could also be 

explored to investigate their potential ability to inhibit stress generation in alumina via oxide 

formation along TGO grain boundaries.  While the present studies on exposure to a filtered 

air atmosphere at 1100°C have established baseline oxidation behavior, wider ranges of 

exposure conditions should be investigated as well.  These include intermediate 
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temperatures in the range of 800-1000°C.  Furthermore, exposure to atmospheres containing 

water vapor will also be important, to establish whether the DMREF-10+ composition can 

maintain alumina-forming behavior in a more realistic environment for gas turbine engine 

operation.  Thermo-mechanical cycling should also be considered, such as sustained-peak 

low-cycle fatigue (SPLCF) similar to that experienced in turbine engines.  The DMREF 

alloys outlined may be more resistant to failure under these conditions due to the alumina-

forming oxidation behavior reducing oxide-assisted crack growth.  In general, other 

mechanical properties of these alloys, such as creep life, should also be investigated. 

Although the γ’ solvi demonstrated in this research are high relative to other Co-base 

solvi in literature, they are still below those of 2nd generation Ni-base superalloys.  Efforts 

must continue to be made in increasing the stability of this phase, likely via higher-order 

alloying additions.  In their current state, the current DMREF alloys may still be useful for 

additive manufacturing purposes, and further studies in this field may yield insights into 

how their reduced solidification segregation and improved oxidation resistance benefit 3D 

printing applications.  Lastly, the high-throughput experimental techniques used herein for 

Co-base superalloys could prove useful for nascent investigations of multiple principle 

element alloys (MPEAs).  Combinatorial synthesis would allow rapid generation of large 

amounts of alloys across the wide swaths of space available to MPEAs.  Although the 

mechanism of protection to be employed is still unclear, oxidation resistance will still be 

important for these alloys, and PSLS screening may prove useful as well.   
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9 Appendix: Data of Combinatorial Samples 

Sample buttons in the three combinatorial libraries each have a different alloy 

composition from IPD synthesis.  Individual buttons are labeled, for example, 1-1A, where 

the first number is the library (1 = +Al library in Figure 6.1(a,d,g,j), 2 =  +W library in 

Figure 6.1(b,e,h,k), and 3 = +Cr library in Figure 6.1(c,f,i,l)).  The second number is the 

horizontal row of the button, with 1 being the largest bottom row of each library, and 12 

being the top row, consisting of a single button.  The letter is the position of the button from 

the left edge of the library, starting with ‘A’.  An example diagram is given below: 

 

Figure 9.1: Naming scheme for combinatorial buttons, showing the first library, Figure 6.1a 
 

 

 

 

 

1-3A 

1-2A 1-2B 

1-1A 1-1B 1-1C 

1-12A 

1-1L 

•••
 

••• 
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Table 9.1: Experimental data for combinatorial libraries.  Compositions measured by 15 keV 
SEM EDS on unoxidized surfaces, “Alloy Phases” codes correspond to: 1) no other phases 

observed beyond γ and potentially γ’, 2) µ-Co7W6, 3) β-NiAl, 6) both µ and β.  Oxide 
thickness and standard deviation (SD) are as measured by ImageJ in cross-section after 1 h 

1100°C exposure to air.  Data which have not been measured are marked “-“. 

 

Button
Co	

(at%)
Ni	

(at%)
W	

(at%) Al	(at%)
Cr	

(at%)
Ta	

(at%)
Ni:Co	
(at)

Alloy	
Phases

PSLS												
α-Al2O3					

(out	of	24)

Ave	
Oxide	
(um)

SD	
Oxide	
(um)

1-1A - - - - - - - - - - -
1-1B 65.8 11.2 9.4 7.7 2.3 3.6 0.17 1 0 47 7.5
1-1C 63.7 12.3 8.8 9.2 2.6 3.4 0.19 1 0 - -
1-1D 60 16.2 9.7 8.6 1.7 3.9 0.27 1 1 19 3
1-1E 55 20.1 9.6 9.9 1.8 3.6 0.37 1 1 14 3.5
1-1F 51.1 23.3 9.7 10.5 1.7 3.7 0.46 1 13 17 4.6
1-1G 46.5 28.5 9.6 10.8 1.8 2.8 0.61 2 - - -
1-1H 41.7 31.9 10.1 11.3 1.6 3.5 0.77 2 23 12 2.4
1-1I 38.2 35 9.8 11.5 2.3 3.3 0.92 2 - - -
1-1J 38.3 35.2 10 11.4 1.4 3.8 0.92 2 20 13 1.7
1-1K 35.3 36.2 10.3 12.7 1.9 3.7 1.03 2 - - -
1-1L 35.5 37.6 10.1 11.3 2.3 3.3 1.06 2 - - -
1-2A - - - - - - - - 0 60 3.9
1-2B - - - - - - - - - - -
1-2C - - - - - - - - - - -
1-2D - - - - - - - - - - -
1-2E - - - - - - - - - - -
1-2F - - - - - - - - - - -
1-2G - - - - - - - - - - -
1-2H - - - - - - - - - - -
1-2I - - - - - - - - - - -
1-2J - - - - - - - - - - -
1-2K - - - - - - - - 24 - -
1-3A 64.2 12.1 9.4 8.5 2 3.7 0.19 1 2 - -
1-3B 61.2 14.6 9.2 8.6 2.5 3.9 0.24 1 - - -
1-3C 59.1 15.5 9.5 9.7 2.3 3.8 0.26 1 0 18.6 4.5
1-3D 54.3 20 9.3 10 2.6 3.7 0.37 1 - - -
1-3E 50.5 24 9.1 10.5 2.1 3.8 0.48 1 11 11.3 2
1-3F 46.8 27.2 9.4 11.3 1.9 3.4 0.58 2 - - -
1-3G 41.6 30.9 9.7 11.8 2.3 3.7 0.74 2 24 10 1.8
1-3H 38.2 34.9 9.3 11.7 2 3.8 0.91 2 - - -
1-3I 38 35.6 10.2 11.2 1.9 3.3 0.94 2 23 - -
1-3J 37.6 35.2 9.8 11.5 2.6 3.3 0.94 2 24 10.1 2.1
1-4A - - - - - - - - 1 - -
1-4B 59.1 16 9.1 9.5 2.5 3.9 0.27 1 - - -
1-4C 54.4 20.4 9.2 10.3 2.1 3.5 0.37 1 0 14 2.6
1-4D 51.2 24.1 8.9 10.4 1.7 3.6 0.47 1 6 11 2.5
1-4E 45.8 28 8.8 11.8 2 3.6 0.61 2 21 10 2.6
1-4F 42.4 31.3 9.4 11.7 1.6 3.6 0.74 2 22 - -
1-4G 39.7 32.8 9.7 11.9 2.1 3.8 0.82 2 24 1.8 1.6
1-4H 39.1 35 9.6 11.5 2 2.8 0.89 2 23 - -
1-4I - - - - - - - - 24 - -
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Table 9.1 continued 

 

 

 

 

 

Button
Co	

(at%)
Ni	

(at%)
W	

(at%) Al	(at%)
Cr	

(at%)
Ta	

(at%)
Ni:Co	
(at)

Alloy	
Phases

PSLS												
α-Al2O3					

(out	of	24)

Ave	
Oxide	
(um)

SD	
Oxide	
(um)

1-5A 57.7 18 9.5 9.8 1.2 3.8 .31 1 0 14 3.1
1-5B 51.8 21.8 9 11.5 2.2 3.8 0.42 1 - - -
1-5C 50.9 23.3 8.7 11 2.6 3.6 0.46 1 - - -
1-5D 48.1 25.8 8.7 11.3 2.2 3.9 0.54 1 - - -
1-5E 44.5 28.2 9.5 12.8 1.9 3.1 0.63 2 - - -
1-5F 40.5 32.7 9.3 11.9 2.1 3.5 0.81 2 22 8.5 2
1-5G 40.7 33.9 9.2 11.5 1.9 2.9 0.83 2 23 8.3 2.1
1-5H 38.4 34.5 9.2 12.3 2.1 3.5 0.9 2 - - -
1-6A - - - - - - - - 19 8 2.4
1-6B - - - - - - - - - - -
1-6C 46.3 26.8 8.7 12.1 2 4.1 0.58 1 23 - -
1-6D 42.8 30.3 8.8 12 2.3 3.8 0.71 6 - - -
1-6E 41.6 32 9.1 12.1 1.9 3.5 0.77 6 24 9.5 2.2
1-6F - - - - - - - - - - -
1-6G - - - - - - - - 23 - -
1-7A 46.8 25.8 8.4 12.5 2.8 3.8 0.55 3 - - -
1-7B 45.7 27.4 8.8 12.3 2.2 3.6 0.6 3 - - -
1-7C 44.9 28.4 8.4 12.4 2.3 3.6 0.63 3 - - -
1-7D 40.4 32.5 8 12.8 1.9 4.4 0.8 3 - - -
1-7E 39.6 34 8.5 12.3 1.8 3.7 0.86 6 - - -
1-7F 39.9 33.3 8.7 12.7 1.9 3.5 0.84 6 - - -
1-8A - - - - - - - - 24 7.1 2.5
1-8B - - - - - - - - - - -
1-8C 40.8 32.5 8.2 12.7 2.2 3.6 0.79 3 24 - -
1-8D - - - - - - - - - - -
1-8E - - - - - - - - 24 6 2.3
1-9A 40.8 32.2 8 13.1 2.1 3.7 0.79 3 - - -
1-9B 40.5 33.1 8.1 12.9 1.8 3.6 0.82 3 - - -
1-9C 39.4 34.2 8.4 12.7 2 3.5 0.87 3 - - -
1-9D 39.2 35 8.2 13.1 1.4 3.1 0.89 3 - - -
1-10A - - - - - - - - 24 6 2.3
1-10B 38.7 34.2 8 13.5 1.9 3.7 0.88 3 22 - -
1-10C - - - - - - - - - - -
1-11A 38.4 33.9 7.7 14.6 2 3.5 0.88 3 23 6.7 2
1-11B - - - - - - - - - - -
1-12A 37.9 34.5 7.1 15.5 1.9 3 0.91 6 24 7 2.4
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Table 9.1 continued 

 

 

Button
Co	

(at%)
Ni	

(at%)
W	

(at%) Al	(at%)
Cr	

(at%)
Ta	

(at%)
Ni:Co	
(at)

Alloy	
Phases

PSLS												
α-Al2O3					

(out	of	24)

Ave	
Oxide	
(um)

SD	
Oxide	
(um)

2-1A 66.3 11 8 8.6 2.5 3.5 0.17 1 0 - -
2-1B - - - - - - - - - - -
2-1C 63 14.2 8.3 8.3 2.5 3.7 0.22 1 1 - -
2-1D - - - - - - - - - - -
2-1E 56.7 19.2 8.1 10.1 2.2 3.7 0.34 1 0 - -
2-1F - - - - - - - - - - -
2-1G 47.5 27.5 8.3 10.7 2.2 3.8 0.58 1 12 9 1.8
2-1H - - - - - - - - - - -
2-1I 41.2 33.7 8.8 10.6 2.3 3.4 0.82 1 15 - -
2-1J - - - - - - - - - - -
2-1K 37.1 37.4 8.9 10.9 2.2 3.4 1.01 1 20 - -
2-1L - - - - - - - - - - -
2-2A 66 11.4 8.5 8.7 2 3.5 0.17 1 0 - -
2-2B - - - - - - - - - - -
2-2C - - - - - - - - - - -
2-2D - - - - - - - - - - -
2-2E - - - - - - - - - - -
2-2F - - - - - - - - - - -
2-2G - - - - - - - - - - -
2-2H - - - - - - - - - - -
2-2I - - - - - - - - - - -
2-2J - - - - - - - - - - -
2-2K 37 36.5 8.8 11.6 2.2 3.9 0.99 1 20 11 2.7
2-3A 66.1 11.3 7.8 8.9 2.5 3.5 0.17 1 0 - -
2-3B - - - - - - - - - - -
2-3C 60 17.3 7.4 9.3 2.3 3.7 0.29 1 0 - -
2-3D - - - - - - - - - - -
2-3E - - - - - - - - - - -
2-3F - - - - - - - - - - -
2-3G - - - - - - - - - - -
2-3H 42.4 32.9 7.8 10.8 2.6 3.5 0.78 1 19 8.3 2.8
2-3I - - - - - - - - - - -
2-3J 38.3 36.5 8.2 11.2 2.9 3 0.95 1 21 - -
2-4A 61.6 16.3 7.7 8.8 2.1 3.4 0.26 1 0 - -
2-4B - - - - - - - - - - -
2-4C - - - - - - - - - - -
2-4D - - - - - - - - - - -
2-4E 47.7 27.9 6.9 11 2.7 3.9 0.58 1 6 14 4.2
2-4F - - - - - - - - - - -
2-4G - - - - - - - - - - -
2-4H - - - - - - - - - - -
2-4I 36.9 37.5 8.7 11.5 1.8 3.7 1.02 1 24 8.5 2.3
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Table 9.1 continued 

 

 

 

 

 

Button
Co	

(at%)
Ni	

(at%)
W	

(at%) Al	(at%)
Cr	

(at%)
Ta	

(at%)
Ni:Co	
(at)

Alloy	
Phases

PSLS												
α-Al2O3					

(out	of	24)

Ave	
Oxide	
(um)

SD	
Oxide	
(um)

2-5A 58.3 19.8 6.5 9.4 2.4 3.5 0.34 1 0 - -
2-5B - - - - - - - - - - -
2-5C 51.5 26 6.3 10.2 2.6 3.4 0.5 1 12 10.4 4.7
2-5D - - - - - - - - - - -
2-5E - - - - - - - - - - -
2-5F 43.4 32.4 6.5 11.5 2.6 3.6 0.75 1 16 8.4 3
2-5G - - - - - - - - - - -
2-5H 39.3 35 7.5 11.7 2.7 3.7 0.89 1 22 - -
2-6A 54.2 23.7 6 10.2 2.2 3.7 0.44 1 12 11 4.9
2-6B - - - - - - - - - - -
2-6C - - - - - - - - - - -
2-6D 45.4 32.5 5.4 10.9 2.2 3.6 0.72 1 17 12 5.3
2-6E - - - - - - - - - - -
2-6F - - - - - - - - - - -
2-6G 40.6 35.6 7 11.4 1.9 3.5 0.88 1 23 9 2
2-7A 50.8 28.6 4.7 10.1 2.5 3.3 0.56 1 1 24 7
2-7B - - - - - - - - - - -
2-7C - - - - - - - - - - -
2-7D - - - - - - - - - - -
2-7E - - - - - - - - - - -
2-7F 42.6 35.6 5.4 10.8 2.4 3.2 0.84 1 12 12 3.9
2-8A 45.5 33.4 4.4 11.1 2 3.6 0.74 1 7 13 4.7
2-8B - - - - - - - - - - -
2-8C 45.4 36.1 3.6 9.8 2.4 2.6 0.79 1 4 2 7.2
2-8D - - - - - - - - - - -
2-8E 40.3 38.2 5.1 11.7 1.7 3 0.95 1 17 14 3
2-9A 45.7 34.2 3.2 11.2 2.7 3.1 0.75 1 2 - -
2-9B - - - - - - - - - - -
2-9C - - - - - - - - - - -
2-9D 42.5 38.6 3.3 10.7 2.2 2.8 0.91 1 4 23 6
2-10A 41.5 39 3.2 11.6 1.8 3 0.94 1 1 - -
2-10B - - - - - - - - - - -
2-10C 39.9 39.5 3.3 12 1.6 3.6 0.99 1 4 - -
2-11A 44.1 37.8 2.1 10.8 2.7 2.4 0.86 1 0 - -
2-11B 42.7 39.9 2.2 10.1 2.4 2.7 0.94 1 1 - -
2-12A 41.5 39.5 2 11.8 2.4 2.8 0.95 1 1 25 4.7
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Table 9.1 continued 

 

 

Button
Co	

(at%)
Ni	

(at%)
W	

(at%) Al	(at%)
Cr	

(at%)
Ta	

(at%)
Ni:Co	
(at)

Alloy	
Phases

PSLS												
α-Al2O3					

(out	of	24)

Ave	
Oxide	
(um)

SD	
Oxide	
(um)

3-1A 68 8.8 8.3 8.1 3.5 3.3 0.13 1 0 - -
3-1B 68.6 9.4 8.1 7.4 3.8 2.7 0.14 1 2 - -
3-1C 64.4 10.1 8.3 10 3.7 3.6 0.16 1 0 9.7 2.3
3-1D 63.8 11.9 8.6 8.9 4 2.8 0.19 1 0 - -
3-1E 57.5 16.2 8.8 9.7 4 3.7 0.28 1 1 10.2 2.3
3-1F 54.6 19.8 9 9.7 4 2.8 0.36 1 4 8.8 3
3-1G 50.9 23 8.4 10.3 3.9 3.4 0.45 2 8 7.1 2.3
3-1H 46.1 28.4 9 9.9 3.8 2.9 0.62 2 22 6 2.5
3-1I 42.6 30.6 9 10.5 3.5 3.7 0.72 2 19 - -
3-1J 41.1 33.2 8.9 10.3 3.8 2.6 0.81 2 23 5 2.7
3-1K 39.7 33.9 8.7 10.3 4 3.4 0.86 2 19 - -
3-1L 39.2 34 9.1 11 3.7 3 0.87 2 22 - -
3-2A 65.5 7.7 9.3 9.9 4.2 3.5 0.12 1 0 38.2 10.4
3-2B - - - - - - - - - - -
3-2C - - - - - - - - - - -
3-2D - - - - - - - - - - -
3-2E - - - - - - - - - - -
3-2F - - - - - - - - - - -
3-2G - - - - - - - - - - -
3-2H - - - - - - - - - - -
3-2I - - - - - - - - - - -
3-2J - - - - - - - - - - -
3-2K 40.2 33.4 8.7 10.6 4.1 3.1 0.83 2 23 - -
3-3A 63.5 11.8 8.6 8.6 4.1 3.3 0.19 1 0 - -
3-3B - - - - - - - - - - -
3-3C 60 14.7 8.3 8.5 5 3.5 0.24 1 2 - -
3-3D - - - - - - - - - - -
3-3E - - - - - - - - - - -
3-3F - - - - - - - - - - -
3-3G - - - - - - - - - - -
3-3H 42.2 30.7 8.7 10.4 4.8 3.3 0.73 2 21 - -
3-3I - - - - - - - - - - -
3-3J 39.9 33 8.6 10.8 4 3.7 0.83 2 19 - -
3-4A 60.7 11.8 9.3 9.8 4.8 3.5 0.19 1 2 19.6 4.6
3-4B - - - - - - - - - - -
3-4C - - - - - - - - - - -
3-4D - - - - - - - - - - -
3-4E 46.6 25.6 8.8 10.2 5.8 3 0.55 2 13 7.6 3.2
3-4F - - - - - - - - - - -
3-4G - - - - - - - - - - -
3-4H - - - - - - - - - - -
3-4I - - - - - - - - - - -
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Table 9.1 continued 

 

Button
Co	

(at%)
Ni	

(at%)
W	

(at%) Al	(at%)
Cr	

(at%)
Ta	

(at%)
Ni:Co	
(at)

Alloy	
Phases

PSLS												
α-Al2O3					

(out	of	24)

Ave	
Oxide	
(um)

SD	
Oxide	
(um)

3-5A 58.8 14.2 8.6 9.4 5.6 3.5 0.24 1 5 - -
3-5B - - - - - - - - - - -
3-5C 50.2 22.5 8.3 9.5 6.2 3.3 0.45 1 14 - -
3-5D - - - - - - - - - - -
3-5E - - - - - - - - - - -
3-5F 42 29.9 8.7 10.6 5.4 3.3 0.71 2 22 - -
3-5G - - - - - - - - - - -
3-5H 39.1 32.1 8.7 11.2 5.3 3.6 0.82 2 23 - -
3-6A 53.5 17.8 9 9.3 7.6 2.8 0.33 1 1 12.9 4.6
3-6B - - - - - - - - - - -
3-6C - - - - - - - - - - -
3-6D 43.9 25.5 8.4 10.3 9 3 0.58 2 23 2.7 1.2
3-6E - - - - - - - - - - -
3-6F - - - - - - - - - - -
3-6G - - - - - - - - - - -
3-7A 46.6 23.9 8.2 10.4 7.4 3.6 0.51 2 19 3.4 2.1
3-7B - - - - - - - - - - -
3-7C - - - - - - - - - - -
3-7D - - - - - - - - - - -
3-7E - - - - - - - - - - -
3-7F 40.2 30.2 8.3 11.3 6.2 3.7 0.75 2 24 1.3 0.7
3-8A 44.4 25.6 8.2 10.1 8.5 3.2 0.58 2 24 1.6 0.5
3-8B - - - - - - - - - - -
3-8C 40.8 28.8 8.2 9.9 8.9 3.3 0.71 2 24 2.3 1
3-8D - - - - - - - - - - -
3-8E 40.3 29.9 8.5 10.1 8.2 3.1 0.74 2 24 - -
3-9A 40.5 28.4 8.2 10.2 8.6 4 0.7 2 24 - -
3-9B - - - - - - - - - - -
3-9C - - - - - - - - - - -
3-9D - - - - - - - - - - -
3-10A - - - - - - - - - - -
3-10B - - - - - - - - - - -
3-10C - - - - - - - - 24 - -
3-11A - - - - - - - - - - -
3-11B - - - - - - - - 24 - -
3-12A 37.9 31.5 7.7 11.3 8.8 2.8 0.83 2 24 1.1 0.3




