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The 21st century presents humanity with unique challenges, addressing which 

requires constant improvements in manufacturing technologies and engineering 

materials. In this dissertation, two areas of modern material research are      explored: 

additive manufacturing and high entropy materials.  

First, the problem of microstructural inhomogeneities within additively 

manufactured metal parts is addressed. Specifically, the effect of process parameters 

and feature thickness on the microstructures of 316L stainless steel components 

fabricated by laser powder bed fusion (LPBF) is examined. A standard benchmark 

geometry developed by the National Institute of Standards and Technology, which 

contained walls of 0.5, 2.5 and 5.0 mm in thickness, is used. Optical microscopy, finite 

element analysis, scanning electron microscopy and electron backscatter diffraction 

reveal dramatic microstructural differences in features of different thickness within 

the same component. The feature thickness influences the cooling rate, which in turn 

impacts the melt pool size, solidification microstructure, grain morphology and 

density of geometrically necessary dislocations. The relationship between feature size 

and grain morphology is dependent on the energy input used during LPBF. Such 

behavior suggested that local manipulation of LPBF process parameters can be 
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employed to achieve microstructural homogeneity within as-printed stainless steel 

components. 

 Second, a novel approach toward manipulation of residual stresses in additively 

manufactured parts is explored. Alloy design involving engineering of solid-state 

transformations is proposed as a way to change the residual stress state of the as-

printed components. To this end, parts fabricated from two metals (pure Fe and Fe-

50Cu) are evaluated. Residual stress measurements demonstrate that surface residual 

stresses can be successfully manipulated by adjusting the alloy composition. It is 

hypothesized that solid-state transformations experience by the Fe and Fe-rich phases 

are responsible for the observed differences in residual stresses. This study is the first 

to suggest using residual stress as a design criterion in alloy engineering for metal 

additive manufacturing.  

Finally, a new high entropy silicide material for applications in electronics is 

proposed. The CALculation of PHAse Diagrams (CALPHAD) approach is used to 

identify two candidate single-phase high entropy silicides (HES): the ternary 

(CrMoTa)Si2 and the quinary (CrMoTaVNb)Si2. Both candidate compositions are 

experimentally synthesized via electron beam evaporation followed by heat treatment 

in vacuum, which facilitates the solid-state reaction. Both the ternary (CrMoTa)Si2 

and the quinary (CrMoTaVNb)Si2 HES form a single phase with a C40 hexagonal 

crystal structure, validating our CALPHAD phase formation predictions. This work 

reports the first experimental realization of a thin film high entropy silicide material. 
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INTRODUCTION 
 

 The 21st century presents the humanity with extraordinary challenges. Raising 

global population, urbanization and global travel are causing the likelihoods of global 

pandemics, not unlike the coronavirus disease (COVID-19) pandemic we were battling 

at the time this dissertation was submitted, to rise [1,2]. At the same time, climate 

change makes catastrophic weather events, such as heat waves, storms, and flooding, 

more frequent and less predictable [3,4].  

Scientists and engineers are striving to mitigate the risks of these 

unprecedented worldwide threats. Development of novel materials, in particular, 

provides critical and continuous improvements in all areas of human development. 

For example, the ever-increasing computing power demands are being met with the 

help of low-dimensional materials, such as carbon nanotubes [5] and graphene [6]. 

Innovative sustainable energy generation and storage solutions, such as low cost 

batteries [7,8], high efficiency solar cells [9] and hydrogen storage systems [10,11], are 

designed to meet the growing energy demands. The need for improved structural 

materials is satisfied by magnesium alloys [12], high specific strength architected 

materials [13,14] and high entropy alloys [15]. 
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Some examples of current technological challenges (middle row) and materials-
based solutions to them.  
 
  

The research presented in this dissertation is aiming to address two of the 

important technological challenges. First, key issues in metal additive manufacturing, 

or 3D printing, are discussed. Metal AM is a crucial technology that allows to locate 

manufacturing close the points of consumption, reducing lead times and enabling 

rapid crisis response. Second, a new set of materials for applications in electronic 

devices is proposed. In this work, the high entropy materials design approach is 

extended to silicide materials. A novel single-phase high entropy silicide with good 

electrical conductivity is designed, fabricated using thin film processing, and 

characterized.   

Chapter 1 discusses a study of microstructural variations within additively 

manufactured metal parts. The influence of local part geometry on the microstructure 

of 316L stainless steel parts fabricated via laser powder bed fusion is investigated.  

Features of 0.5, 2.5 and 5.0 mm in thickness were studied via electron backscattered 

diffraction (EBSD), which revealed grain size and aspect ratio distributions. Local 

plastic deformation was assessed by the density of geometrically necessary 
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dislocations (GNDs). Additionally, scanning electron microscopy (SEM), conductive 

atomic force microscopy (AFM) and X-ray diffraction (XRD) unveiled the influence of 

feature thickness on the amount of retained δ-ferrite.	 The	 results	 suggest	 that	 local	

microstructural	 differences	 in	 additively	 manufactured	 parts	 can	 be	 mitigated	 by	

adjusting	process	parameters.		

	 Chapter 2 presents a novel approach to residual stress management in metal 

additive manufacturing (AM). In contrast to traditional residual stress mitigation 

approaches that involve manipulation of AM process parameters, this chapter 

discusses tailoring the alloy composition to adjust residual stresses. In particular,  a 

mechanism for leveraging solid-state phase transformations to control residual 

stresses in metal AM is proposed. Directed energy deposition (DED) is employed to 

fabricate parts from pure Fe and Fe-50Cu (wt.%) binary alloy. It is demonstrated that 

at 50 wt.% Cu in a Fe-Cu binary alloy, the δ→; transformation in Fe is eliminated, 

which leads to formation of high compressive residual stresses in the Fe-50Cu parts.  

Through transmission electron microscopy (TEM) and EBSD we observed a large 

dislocation density within the Cu-rich phase, suggesting that residual stressed formed 

during processing are accommodated through plastic deformation of the Cu-rich 

phase. This work demonstrates that residual stress can be used as a design parameter 

in alloy engineering for additive manufacturing.  

 In chapter 3, a novel material for use in electronic devices is described. The 

composition of the high entropy silicide material was determined using the 

CALculation of PHAse Diagrams (CALPHAD) approach. The (CrMoTaVNb)Si2 was 

then fabricated in thin film form using electron beam evaporation or magnetron 

sputtering, followed by heat treatment in vacuum. Grazing incidence XRD 

measurements confirmed the CALPHAD predictions that (CrMoTaVNb)Si2 forms a 



 4 

single phase with a C40 hexagonal crystal structure. Electrical characterization of the 

films revealed that their resistivity falls within the boundaries established by the 

constituent binary metal disilicides.		The	research	presented	in	this	chapter	is	the	first	

report	of	a	thin	film	high	entropy	silicide	material.	  
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CHAPTER 1 THICKNESS-DEPENDENT 
MICROSTRUCTURE IN ADDITIVELY 
MANUFACTURED STAINLESS STEEL 

 

1.1 Introduction 

Metal additive manufacturing (AM), also referred to as metal 3D printing, is 

poised to revolutionize the manufacturing industry by enabling shorter lead times, 

light-weighting through topology optimization, part count reduction, and rapid 

production of parts with complex geometries [16]. A remarkable recent example of 

successful AM implementation is the GE Aviation Catalyst turboprop engine (Figure 

1.1, a), where AM enabled consolidation of 800 components into just 12 printed parts, 

reducing the engine’s weight by 5% and improving its specific fuel consumption by 1% 

[17]. Another notable example is NASA’s 2020 Perseverance Mars rover, which 

features 11 3D printed parts [18]. Use of AM in Perseverance’s planetary instrument 

for X-ray lithochemistry (PIXL) allowed for a three- to four-fold mass reduction in 

comparison with traditionally manufactured components (Figure 1.1, b). SpaceX’s 

SuperDraco rocket engine powering the Crew Dragon manned spacecraft employs an 

additively manufactured Inconel thrust chamber [19] (Figure 1.1, c). According to 

the company, use of metal AM in place of conventional manufacturing resulted in an 

order of magnitude reduction in lead time, with the path from the initial concept to 

the first hotfire test taking just over three months [20].  
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Figure 1.1. Examples of successful implementation of metal additive manufacturing. 
a) GE Aviation Catalyst Turboprop engine. b) Planetary instrument for X-ray 
lithochemistry (PIXL) installed on NASA Perseverance Mars rover. c) SpaceX 
SuperDraco engine.  

These examples demonstrate that metal AM can be successfully implemented 

in critical aerospace components subjected to extreme environments. However, 

continued progress towards widespread industrial adoption of metal AM requires a 

comprehensive understanding of the local variations in phase composition, 

microstructure and mechanical properties caused by location-dependent thermal 

history of the parts. Such an understanding is especially important for geometrically 

complex components that contain features of different sizes, e.g. parts with integrated 

fluid/gas channels [21,22]. The relationship between feature size, microstructure and 

mechanical performance has been explored recently in 316L [23] and 304L [24] 

stainless steel parts fabricated by laser powder bed fusion (LPBF), Ti-6Al-4V parts 

produced by electron beam melting (EBM) [24–26], as well as LPBF-fabricated 

AlSi10Mg [27] and Inconel 625 [28]. Roach et al. investigated microstructure and 

mechanical properties of 316L stainless steel parts of varying cross-sectional areas 

fabricated via LBPF [23]. No clear relationship between the sample cross-sectional 

area and grain size, grain aspect ratio, sample crystallographic texture and 

microhardness was established. However, samples with larger cross-sectional areas 

tended to exhibit higher yield strength (YS), ultimate tensile strength (UTS) and elastic 

modulus, which was attributed to surface roughness effects. Brown et al. observed a 
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similar trend in LPBF-fabricated 316L stainless steel and EBM-fabricated Ti-6Al-4V, 

where an increase in sample thickness induced an increase in YS and UTS in both 

materials – an effect that was also attributed to surface roughness and defects [24]. 

However, a clear relationship between feature thickness, microstructure, phase 

composition and mechanical properties has not been established to date.  

In this work, we made a step towards establishing a relationship between 

thickness and microstructural properties in stainless steel parts fabricated via laser 

powder bed fusion (LPBF). We used a standard, widely employed metal AM 

benchmark geometry developed the National Institute of Standards and Technology 

(NIST) [28–30]. We fabricated the benchmark components from 316L stainless steel, 

a very low-carbon austenitic stainless steel which is a popular metal AM material [31–

34] due to its ductility, high corrosion resistance and low propensity for chromium-

rich carbide formation [35–37]. Through a combination of 3D scanning, optical 

microscopy, finite element analysis (FEA), scanning electron microscopy and electron 

backscatter diffraction, we demonstrated dramatic microstructural variations within 

features of different thickness within the same component. Our findings suggest that 

microstructural homogeneity within the as-printed stainless steel components that 

possess features of varying thickness can be achieved through local manipulation of 

LPBF process parameters.  

 

1.2 Materials and methods 

1.2.1 Sample fabrication 

For this study, we used the AMB2018-01 bridge structure geometry developed 

by NIST (Figure 1.2, a). The benchmark part is 75 mm long, 12 mm tall and 5 mm 

wide, with 12 “legs” of three different thicknesses: four 5.0-mm legs, four 2.5-mm legs, 
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and four 0.5-mm legs. The samples were fabricated using a commercial SLM 125HL 

LPBF system (SLM Solutions, Lübeck, Germany). The chamber was kept in an inert 

nitrogen atmosphere, with oxygen level maintained at <100 ppm. Two samples were 

printed concurrently on the same annealed 316L stainless steel build plate. The build 

plate was preheated to and maintained at 200 °C. Gas atomized 316L stainless steel 

powder (SLM Solutions, Lübeck, Germany) with d10 = ~25 µm, d50 = ~40 µm and d90 

= ~61 µm was used as feedstock powder. Manufacturer-specified chemical 

composition of the powder is provided in Table 1.1. Laser spot size was set to 80 µm. 

Samples were denoted as B120 and B200, with the number reflecting the approximate 

volumetric energy density (VED, J/mm3) used during fabrication. VED, Ev, is defined 

as [38]: 

<! = "
!∙$∙%,	      (2.1) 

where P is the laser power (W), v is the laser scan speed (mm/s), t is the layer thickness 

(mm) and h is the hatch spacing (mm). The LPBF process parameters shown in Table 

1.2 were selected on the basis of fabricating as-printed parts with >99% density. 
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Figure 1.2. The AMB2018-01 sample geometry used in the study. a) 3D model of the 
AMB2018-01 bridge structure benchmark geometry. b) Three legs (lower left corner) 
were separated from the parts for microstructural analysis using wire electrical 
discharge machining. 

 

Table 1.1. Chemical composition (mass fraction in %) of the feedstock powder, as 
provided by the manufacturer.  

Fe Cr Ni Mo Nb+Ta Mn 

Balance 16.00-18.00 10.00-14.00 2.00-3.00 - 2.00 

Si P S C N O 
1.00 0.045 0.030 0.030 0.10 - 

 

Table 1.2. Laser powder bed fusion process parameters used for sample fabrication. 
The calculated value for volumetric energy density is also provided. 

Sample 
ID 

Laser 
power 

(W) 

Scan 
speed 

(mm/s) 

Hatch 
spacing 

(mm) 

Layer 
thickness 

(mm) 

Volumetric 
energy 

density 
(J/mm3) 

B120 195 800 0.10 0.02 122 

B200 370 2520 0.04 0.02 196 
 

0.5 mm

2

Build 
direction

Recoating 
direction

z

y

x

EDM

5.0 mm 2.5 mm

Samples for 
microstructural analysis

12 mm  
tall

a

b
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1.2.2 Characterization  

The bridge structures were separated from the substrate using wire electrical 

discharge machining (wire-EDM). After separation from the substrate, the samples 

were imaged using an ATOS Core 200 3D scanner (GOM, Braunschweig, Germany). 

The 3D scans were processed with CloudCompare open source point cloud processing 

software, where the 3D scans were overlayed with the nominal CAD geometry, and 

cloud-to-mesh (C2M) distances were computed.  

Legs of 0.5, 2.5 and 5.0 mm in thickness were then separated from the bridge 

structure using wire-EDM (Figure 1.2, b). For examination under an optical 

microscope (OM) and scanning electron microscope (SEM), the legs were hot-

mounted in Konductomet conductive filled phenolic mounting compound (Buehler, 

Lake Bluff, IL, USA) with the y-z surface exposed. Metallographic grinding was 

performed with 120-1200 grit silicon carbide papers using an AutoMet 250 

grinder/polisher (Buehler, Lake Bluff, IL, USA). The samples were then polished with 

3 µm and 1 µm DiaLube diamond suspensions on White Label woven silk polishing 

cloth (Allied High Tech Products, Inc., Rancho Dominguez, CA, USA). A final precision 

polish was obtained from vibratory polishing (GIGA-0900, PACE Technologies, 

Tucson, AZ, USA)  for ~5 hours using a 0.05 µm alumina suspension (PACE 

Technologies, Tucson, AZ, USA) mixed with deionized water. To reveal the 

solidification microstructures, the samples were etched using a 3:1 volume mixture of 

HCl and HNO3 for 30 seconds. Immediately following the immersion in the acid 

solution, the samples were placed in a cold water bath to prevent overetching. Melt 

pool boundaries were identified from optical micrographs of the etched cross-sections, 

and the melt pool widths and depths were measured using ImageJ software (NIH) 

[39].  
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Electron backscatter diffraction (EBSD) mapping and forescattered electron 

(FSE) imaging were performed using a GAIA3 SEM-FIB dualbeam microscope 

(Tescan, Brno, Czech Republic) equipped with a NordlysMax2 detector (Oxford 

Instruments, Abingdon, Oxfordshire, UK). The microscope was operated in field mode 

at an accelerating voltage of 20 kV, beam intensity of 20 and working distance of ~5 

mm. Samples were mounted on a 70° pre-tilted specimen holder. Two scans with 4x4 

CCD camera binning were performed for each sample: i) 1x1 mm map with a step size 

of 2 µm, and ii) 390x765 µm map with a step size of 1 µm. To avoid near-surface zones 

where grain refinement is possible, EBSD maps were collected from the middle regions 

of the specimen cross-sections. 

EBSD maps were post-processed using the open source MTEX Matlab toolbox 

[40]. First, data points with mean angular deviation (MAD) of > 1° were removed. 

Then, grains were defined as areas of the map completely surrounded by boundaries 

with a misorientation > 5°, and grain reconstruction was performed. The orientation 

data were denoised and missing data were interpolated using the half-quadratic filter 

[41]. Grain aspect ratio was calculated as the ratio of the long axis length to the short 

axis length of the ellipses fitted to the grains. Kernel average misorientation (KAM) 

was computed using the first order neighbors. Density of geometrically necessary 

dislocations (GNDs) was calculated following the approach suggested by Pantleon [42] 

based on local orientation changes. 

SEM imaging for primary dendrite arm spacing (DAS) measurements was 

performed using the Magellan 400 XHR microscope (FEI, Hillsboro, OR, USA). DAS 

was calculated based on a series of SEM micrographs using the modified Abrams 

three-circle procedure as described in ASTM E112 [43]. After the DAS values were 

obtained, the corresponding cooling rates were calculated as [44]:   

?& = 80(CD)'(.**,      (2.2) 
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where dp is the DAS (µm) and CR is the corresponding cooling rate (°K/s).  

 Powder X-ray diffraction (XRD) patterns were collected with the Smartlab 

diffractometer equipped with a 2.2 kW Cu-Ka X-ray source (Rigaku, Tokyo, Japan) 

configured in Bragg-Brentano geometry. The patterns were collected in the 2θ range 

of 20-120° with 0.02° step and at a scan speed of 4 °/s.  

 Conductive atomic force microscopy (C-AFM) images were acquired with the 

Tosca microscope (Anton Paar, Graz, Austria) equipped with an ARROW-EFM tip 

(NanoWorld, Neuchâtel, Switzerland) with a platinum-iridium coating.  

 
 

1.3 Results  

First, the bulk geometry of the as-printed bridge samples was evaluated. The 

total length and width as measured from the 3D scans were 76.08 x 5.25 mm and 76.20 

x 5.55 mm for samples B120 and B200, respectively. The C2M distances are plotted in 

Figure 1.3, a-b, and the corresponding C2M histograms are shown in Figure 1.3, c. 

The median C2M distance was ~53 µm for sample B120 and ~167 µm for sample B200. 

While both samples were found to be larger than the original CAD geometry (75 mm 

long and 5 mm wide), the deviation from the input file was greater for sample B200, 

which was fabricated with a higher energy input. A 61% increase in VED correlated 

with a ~215% increase in the median C2M distance. It is therefore evident that the 

dimensional accuracy of the as-printed parts was significantly affected by the process 

parameters used during LPBF processing. Deviation of part geometry from the input 

CAD file should be taken into consideration in further benchmark investigations.  
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Figure 1.3. Dimensional accuracy of the as-printed AMB2018-01 bridge structures. 
Cloud-to-mesh (C2M) distances plotted over the 3D scans of the a) sample B120, and 
b) sample B200. c) Histogram plots of the C2M distances, with dashed vertical lines 
indicating median C2M distances. 

 

Next, the melt pool geometries of the as-printed samples were analyzed. For 

sample B120, no clear trend could be identified in melt pool depth as a function of leg 

thickness, with measured mean pool depth of 29.2 ± 1.0, 27.9 ± 1.4 and 28.8 ± 1.14 µm 

for the 0.5, 2.5 and 5.0 mm thick legs, respectively (Figure 1.4, a). For sample B200, 

however, the mean melt pool depth decreased with increasing leg thickness, from 22.8 

± 1.8 to 21.6 ± 1.7 and to 14.2 ± 1.2 µm for the 0.5, 2.5 and 5.0 mm thick legs, 

respectively. For both samples B120 and B200, the melt pool width decreased with 

increasing leg thickness (Figure 1.4, b). For sample B120, the measured mean melt 

pool widths were 121.1 ± 3.4, 105.3 ± 3.4 and 105.6 ± 2.4 µm for the 0.5, 2.5 and 5.0 

mm thick legs, respectively. For sample B200, the melt pool widths were 112.4 ± 7.8, 

98.6 ± 7.4 and 94.1 ± 5.5 µm for the 0.5, 2.5 and 5.0 mm thick legs, respectively. 

Overall, melt pool was both shallower and narrower for sample B200. A representative 

optical micrograph demonstrating both melt pool fusion lines and grain boundaries is 

shown in Figure 1.4, c.  
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Figure 1.4. Melt pool geometry within the as-printed AMB2018-01 bridge structures. 
Melt pool a) depth, and b) width as a function of feature thickness. c) A representative 
optical micrograph of an etched B120 0.5 mm sample showing melt pool fusion lines 
and grain boundaries. Error bars represent 95% confidence intervals. 

 
FEA modeling, as discussed in detail in [45], confirmed that melt pool 

dimensions should be smaller in sample B200 than in sample B120. Smaller depth and 

width of the melt pool in sample B200 can be attributed to a more elongated, teardrop-

like shape of the melt pool along the scanning direction, as confirmed by the 

temperature profiles extracted from the FEA model [45]. 

Further microstructural characterization was performed via a quantitative 

analysis of the grain structure of the samples. For sample B120, inverse pole figure 

(IPF) maps overlayed over FSE images are shown in Figure 1.5, a. Within the 0.5 mm 

thick leg, the grains had irregular, faceted morphologies. For the 2.5-mm thick leg, 

grains formed long columns of ~62 µm in width, with smaller grains located between 

the adjacent large columnar grains. A similar grain structure was observed for the 5.0 
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mm leg, where the width of the columnar grains was ~80 µm. Mean grain areas for 

sample B120 were 718 ± 102, 764 ± 188 and 912 ± 208 µm2 for the 0.5, 2.5 and 5.0 

mm thick legs, respectively. For sample B200, IPF maps overlayed over FSE 

micrographs are shown in Figure 1.5, b. Within the 0.5 mm thick leg, the grains were 

highly elongated and aligned along a direction rotated ~30° with respect to the build 

direction. In the 2.5 and 5.0 mm thick legs, grains had irregular, faceted shapes, and 

were aligned along the build direction. Mean grain areas for sample B200 were 1936 

± 483, 922 ± 181 and 546 ± 65 µm2 for the 0.5, 2.5 and 5.0 mm thick legs, respectively.  

Opposite trends in grain area as a function of feature thickness were identified 

in samples B120 and B200 (Figure 1.5, c): in B120, grain area increased with feature 

thickness (a ~27% increase in grain area in the 5.0 mm thick leg as compared to that 

in the 0.5 mm leg), while in B200, grain area decreased with feature thickness (a ~72% 

decrease in grain area in the 5.0 mm thick leg as compared to that in the 0.5 mm thick 

leg). Similar trends were observed in grain aspect ratios (ARs) as a function of feature 

thickness (Figure 1.5, d): in sample B120, grains tended to be more elongated as 

feature thickness increased (with ARs of 3.3 and 4.9 for the 0.5 and 5.0 mm thick legs, 

respectively), while in B200, grains tended to be more equiaxed in thicker features (AR 

of 4.9 and 3.4 for the 0.5 and 5.0 mm thick legs, respectively).  
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Figure 1.5. Analysis of the grain structure. Inverse pole figure maps overlayed over 
forescattered electron images for a) sample B120 and b) sample B200; c) grain area 
as a function of feature thickness; d) grain aspect ratio as a function of feature 
thickness; d) grain aspect ratio as a function of feature thickness. Error bars 
represent 95% confidence intervals. 
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To understand the factors that influence microstructure evolution, the 

solidification microstructures and the corresponding cooling rates were assessed. A 

representative secondary electron (SE) micrograph of the solidification 

microstructure is shown in Figure 1.6, a. Cooling rates calculated based on DAS are 

plotted as a function of feature thickness in Figure 1.6, b. No clear trend was 

identified in cooling rate as a function of feature thickness in sample B120, where 

cooling rates were calculated to be 11 x 105, 17 x 105 and 11 x 105 °K/s within the 0.5, 

2.5 and 5.0 mm thick legs, respectively. For sample B200, the cooling rates were found 

to be 3 x 105, 6 x 105 and 6 x 105 °K/s within the 0.5, 2.5 and 5.0 mm thick legs, 

respectively, indicating a slight increase in cooling rate with increasing feature 

thickness. Overall, cooling rates were lower in sample B200 in comparison with 

sample B120, which is in agreement with previous experimental results [33] and 

numerical simulations [33,34] of LPBF of 316L stainless steel.  

 

Figure 1.6. Solidification microstructure and cooling rates in SS316L builds. a) A 
representative scanning electron microscopy micrograph of the solidification 
microstructure. b) Cooling rates calculated based on primary dendrite arm spacing. 
Error bars represent 95% confidence intervals.  

The analysis was further extended with an investigation of the effect of feature 

thickness on the phase composition and microsegregation within the as-printed 

samples. XRD analysis of samples B120 (Figure 1.7, a) and B200 (Figure 1.7, b) 
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revealed that the face-centered ;-austenite was the main phase present in the samples. 

Additionally, a diffraction peak indexed to the (110) set of lattice planes of the body-

centered cubic F-ferrite phase was observed at ~43.5° for all three leg thicknesses of 

sample B120, and this peak was most prominent for the 0.5 mm thick leg. Oval-shaped 

F-ferrite particles were observed in the SE micrographs of the 0.5 mm thick leg of 

sample B120 (Figure 1.7, c) at the austenite cell boundaries. In sample B200, no 

clear peaks corresponding to the F-ferrite phase were identified in the XRD patterns 

(Figure 1.7, b), and no F-ferrite particles were observed in the SE micrographs 

(Figure 1.7, d).  

 

Figure 1.7.  Phase composition of the as-printed SS316L samples: a) X-ray diffraction 
(XRD) patterns for sample B120, b) XRD patterns for sample B200, c) scanning 
electron microscopy (SEM) micrograph of the microstructure for the 0.5 mm thick 
leg of sample B120, d) SEM micrograph of the microstructure for the 0.5 mm thick 
leg of sample B200. 
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Presence of secondary phase particles at the cell boundaries was confirmed with 

conductive AFM (Figure 1.8). In C-AFM scans, secondary phase particles appeared 

as exhibiting higher current that were located between individual cells.  

 

Figure 1.8. Conductive atomic force microscopy imaging of sample B120 2.5 mm. 
Bright spots in the current map indicate presence of ferrite particles at the cell 
boundaries. 

 

Minor secondary phase precipitates were also observed in the as-printed 

samples (Figure 1.9). Irregularly-shaped, faceted secondary phase particles few 

hundred nanometers in size were located at the grain boundaries. The particles are 

likely to have M23C6 chromium-rich composition, as this carbide is known to nucleate 

and grow readily in austenitic stainless steels [46] , especially at the high-angle grain 

boundaries [47].  
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Figure 1.9. Scanning electron microscopy micrographs showing minor secondary 
phase precipitates (potentially M23C6 carbide) located at the grain boundaries of 
sample B120 (white arrows).  

 
Finally, the influence of LPBF process parameters and local part geometry on 

local plastic deformation within the as-printed parts was investigated. IPF EBSD maps 

and the corresponding KAM maps for sample B120 are shown in Figure 1.7, a. The 

mean KAM values were 0.30 °, 0.26 ° and 0.28 ° for the 0.5, 2.5 and 5.0 mm thick legs, 

respectively, indicating no trend in KAM as a function of leg thickness in sample B120. 

IPF maps and the corresponding KAM maps for sample B200 are shown in Figure 

1.7, b. The mean KAM values were 0.24 °, 0.25 ° and 0.33 ° for the 0.5, 2.5 and 5.0 

mm thick legs, respectively. In contrast to sample B120, a correlation between feature 

thickness and KAM was observed in sample B200, with thicker feature exhibiting 

higher KAM values.  

Plots of the GND density distributions for sample B120 are shown in Figure 

1.10, c. Median GND density values were calculated to be 3.38 x 1013, 2.93 x 1013 and 

3.02 x 1013 m-2 for the 0.5, 2.5 and 5.0 mm thick legs, respectively. For sample B200, 

the GND density distributions are shown in Figure 1.10, d, and median GND density 

values were calculated to be 2.29 x 1013, 2.63 x 1013 and 3.33 x 1013 m-2 for the 0.5, 2.5 

and 5.0 mm thick legs, respectively. Overall, the largest GND density of 3.33 x 1013 m-

2 was observed in the 5.0 mm thick leg of sample B200.  
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Figure 1.10. Local plastic deformation within the as-printed samples. Inverse pole 
figure maps and the corresponding kernel average misorientation maps for a) 
sample B120, and b) sample B200. Frequency polygons showing distributions in the 
density of geometrically necessary dislocations for c) sample B120, and d) sample 
B200. 
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1.4 Discussion 

All key microstructural characteristics of the samples obtained from the SEM 

and EBSD analyses are summarized in Table 1.3. Both LPBF-printed benchmark 

parts investigated in this work exhibited cellular microstructures typical for additively 

manufactured 316L stainless steel (Figure 1.7, c-d) [48], with cell boundaries formed 

via microsegregation of Mo and Cr [49–51]. For sample B120, the solidification mode 

was primary austenite with second-phase intercellular dendrite [52,53], with oval-

shaped ferrite particles observed at the cell walls and triple points (Figure 1.7, c). 

Presence of F-ferrite in sample B120 was additionally confirmed with XRD analysis 

(Figure 1.7, a), where the (110) peak of F-ferrite was observed, and AFM scanning 

(Figure 1.8). In contrast to sample B120, retained F-ferrite was not detected in 

sample B200 (Figure 1.7, b and Figure 1.7, d). Absence of XRD peaks attributed 

to F-ferrite indicates that either there is no retained F-ferrite present in sample B200, 

or it is present in amounts below the ~3 vol.%  detection limit of the laboratory XRD 

[54]. Overall, the two-phase austenite-ferrite microstructure observed in sample B120 

is not surprising. Based on the chemical composition of the feedstock powder (Table 

1.1) and Schaeffler equivalency relationships [55], a nickel equivalent Nieq of 11.9-15.9 

and a chromium equivalent Creq of 19.5-22.5 can be expected for 316L stainless steel 

used in this work. Based on the Schaeffler diagram [55] and the values of Nieq and Creq, 

the material is predicted to contain both austenite and ferrite, with the amount of F-

ferrite dependent on the alloy composition. A rough estimation of the amount of F-

ferrite can be obtained from Seferian’s relationship [56,57], which yields ~3.0-5.2 

vol.% of F-ferrite. Preferential formation of intercellular dendrite in sample B120 as 

compared to sample B200 can be attributed to the higher cooling rates observed in 

sample B120 (Figure 1.6, b), which potentially suppressed the ferrite to austenite 
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transformation [58]. Thus, our analysis of phase composition suggests that phase 

formation control via manipulation of LPBF process parameters is possible in 316L 

stainless steel and other materials that exhibit multiple phases.  

Table 1.3. Summary of the key microstructural parameters depending on the feature 
size. Cooling rates, grain areas and grain aspect ratios are reported as mean values 
± 95% confidence intervals. 

Sample 
ID 

Feature 
thickness 

(mm) 

Cooling 
rate 

(105 °K/s) 

Grain 
area 

(µm2) 

Grain 
aspect 

ratio 

Mean 
KAM 

(°) 

Median 
GND 

density 
(1013 m-2) 

B120 0.5 11.20 ± 0.70 718 ± 102 3.26 ± 0.20 0.30 3.38 
2.5 17.00 ± 0.60 764 ± 188 5.31 ± 0.29 0.26 2.93 
5.0 11.10 ± 0.60 912 ± 208 4.87 ± 0.28 0.28 3.02 

B200 0.5 2.90 ± 0.26 1936 ± 483 4.94 ± 0.39 0.24 2.29 
2.5 5.84 ± 0.27 922 ± 181 3.19 ± 0.17 0.25 2.63 
5.0 6.48 ± 0.64 546 ± 65 3.37 ± 0.13 0.33 3.33 

*KAM – kernel average misorientation; GND – geometrically necessary dislocations. 
 

Grain area and morphology were found to be a function of feature thickness for 

both samples. For sample B120, grain area increased from ~992 µm2 for the 0.5 mm 

leg to ~1576 µm2 for the 5.0 mm leg (Figure 1.10, a), which constituted a ~59% 

increase in grain area. An opposite trend was observed in sample B200, where grain 

area decreased ~2741 µm2 in the 0.5 mm leg to 811 µm2 in the 5.0 mm leg (Figure 

1.10, b), or a ~70% decrease. The trend observed in sample B200 is in agreement with 

the calculated cooling rates (Figure 1.5, b), where an increase in cooling rate with 

increasing feature thickness was observed. However, cooling rates alone cannot 

explain the grain structure evolution observed in sample B120, suggesting that other 

factors (e.g., solidification rate [48] or temperature gradient [59]) have a dominant 

influence on grain growth in this sample.  

Based on the Hall-Petch relationship [60,61] and the observed grain sizes 

(Figure 1.5, c), a strong dependence of the mechanical properties on the feature size 
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can be expected in sample B200. We can speculate that in sample B200, strength 

should be proportional to the feature size, as larger features tended to exhibit smaller 

grain sizes. Similarly, some variation in strength can be expected in features of 

different thickness within sample B120, with thicker features exhibiting a slightly 

decreased strength.   

Large, columnar grains spanning tens of layers were observed in the 2.5 and 5.0 

mm thick legs of sample B120 (Figure 1.5, a) and in the 0.5 mm thick leg of sample 

B200 (Figure 1.5, b). Similar grain structures were previously reported for Inconel 

625 parts fabricated for the AM Bench challenge [28], as well as LPBF-printed SS 316L 

[62,63] and CrMnFeCoNi high entropy alloy [62] samples. Highly anisotropic grain 

structures observed in these samples can potentially cause significant anisotropy in 

mechanical properties [64], fatigue performance [65,66] and corrosion resistance 

[67], and therefore should be avoided.  

Grain growth direction was also influenced by the feature thickness. In sample 

B200, inclined grain orientations were observed in the 0.5 mm thick leg, while the 2.5 

and 5.0 mm thick legs exhibited largely vertical grain orientations (Figure 1.5, b). 

The observed differences in grain growth directions in sample B200 can be attributed 

to differences in melt pool depth (Figure 1.4, a) [38]. A deeper melt pool (~23 µm 

deep) observed in the 0.5 mm thick leg produced highly inclined grains, and a 

shallower melt pool (~14 µm deep) observed in the 5.0 mm thick leg generated grains 

oriented along the build direction.    

Dislocation substructures and GND densities were found to depend on LPBF 

process parameters and feature thickness. In both samples, high-KAM regions were 

observed within the grains, indicating agglomeration of dislocations and formation of 

low angle grain boundaries [68] (Figure 1.10, a-b). For sample B120, high-KAM 

lines were observed to form V-shaped channels (Figure 1.10, a, middle and right), 
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while this behavior was not detected in sample B200 (Figure 1.10, b). GND densities 

were lognormally distributed within both samples (Figure 1.10, c and d) in 

agreement with previously published work [69]. In sample B120, no clear relationship 

between feature thickness and GND density was identified (Figure 1.10, c), 

suggesting similar plastic deformation in features of all three thicknesses at the 

resolution afforded by EBSD mapping employed in this work. In contrast, in sample 

B200, GND density increased with feature thickness (Figure 1.10, d), indicating 

accommodation of higher thermal stresses through plastic deformation in features of 

larger thickness. To elaborate the evolution of strain and GND density in LPBF-printed 

parts, further investigation via high-resolution EBSD [68] or precession electron 

diffraction (PED) is needed.  

1.5 Conclusions  

The influence of the local part geometry and LPBF process parameters on the 

microstructure of additively manufactured 316L stainless steel was explored. An 

extensive microstructural characterization of two LPBF-printed AMB2018-01 

benchmark parts (sample B120, printed at a volumetric energy density (VED) of ~120 

J/mm3, and sample B200, printed at a VED of ~200 J/mm3) was performed. The 

benchmark parts contained features of three thicknesses: 0.5 mm, 2.5 mm and 5.0 

mm. Specific finding are as follows:  

1. Dimensional accuracy of LPBF-printed benchmark parts depended on 

the process parameters, with larger VED used during printing causing 

larger deviations from the input CAD geometry. 

2. Evaluation of the melt pool geometry via optical microscopy showed that 

melt pool size varied with feature thickness. In sample B200, melt pool 

depth was inversely proportional to the feature thickness, while in 
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sample B120 no direct relationship between feature thickness and melt 

pool depth was established. For both samples, melt pool width decreased 

with increasing feature thickness.  

3. Melt pool depth, in turn, influenced grain growth direction within 

sample B200, where a shallower melt pool produced grains oriented 

along the build direction, and a deeper melt pool generated grains 

inclined with respect to the build direction. 

4. No influence of feature thickness on phase composition was established. 

However, LPBF process parameters influenced the amount of retained 

F-ferrite present within the samples: lower energy input used in sample 

B120 caused higher cooling rates and promoted suppression of the 

ferrite-austenite transformation; no F-ferrite was observed in sample 

B200.  

5. The relationship between grain morphology and feature thickness was 

highly dependent on the LPBF process parameters. In sample B120, an 

increase in feature thickness caused an increase in grain size, while an 

opposite trend was observed in sample B200.  

6. Finally, density of geometrically necessary dislocations (GND)s was 

dependent on feature thickness in sample B200, where thicker features 

exhibited higher values of GND density, suggesting larger plastic 

deformation.  

Overall, the present findings demonstrate that local part geometry has a 

significant influence on the solidification and grain microstructure of LPBF-printed 

parts. Microstructure within features of different thickness was found to be dependent 

on the LPBF process parameters (e.g., VED). Therefore, in complex parts where both 

thick and thin features are present, microstructural homogeneity can be achieved by 
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locally tailoring the LPBF process parameters, potentially eliminating the need for 

post-print heat treatment.  

  



 28 

CHAPTER 2 IMMISCIBLE ALLOYS FOR RESIDUAL 
STRESS MITIGATION IN DIRECTED ENERGY 

DEPOSTION 
 

2.1 Introduction 

Metal additive manufacturing (AM), often referred to as metal 3D printing, is a 

family of disruptive manufacturing technologies that allow for rapid, on-demand 

fabrication of high-quality near-net-shape metal components. Metal AM has been 

successfully adopted by the medical [70,71] and aerospace [72,73] industries, where 

custom, geometrically complex metal parts are required. Over the last 15 years, there 

has been a rapid increase in the intensity of research and development activities 

related to metal AM, both in academia and industry, as evidenced by the remarkable 

growth of annual number of patents and scientific publications (Figure 2.1). Such a 

keen interest of the metallurgy and manufacturing communities can be attributed to 

metal AM’s capability to significantly reduce lead times, enabling efficient and rapid 

iterations in design and testing [74]. Additionally, metal AM allows for considerable 

part count reductions in assemblies [75–77], as well as light-weighting through part 

geometry optimization [16].  
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Figure 2.1. Trends in metal additive manufacturing research and intellectual 
property. a) Annual number of publications (note the logarithmic scale on the y axis). 
b) Annual number of published patents. Data collected from Scopus for scientific 
publications and from Espacenet for worldwide patents.  

 

In contrast to conventional manufacturing processes, in metal AM a part is built 

up from the feedstock material (e.g., powder or wire) layer-by-layer based on a 

computer aided design (CAD) model [38]. The most frequently used metal AM 

techniques are powder bed fusion (PBF) and directed energy deposition (DED). In a 

typical PBF process, a thin layer of feedstock powder is spread uniformly across the 

build platform by a roller or a recoater, and a focused energy source is scanned along 

the CAD-defined path, melting the powder particles (Figure 2.2, a). The build 

platform is then lowered, and the process is repeated for the next layer. In DED, the 

feedstock material is delivered directly to the melt pool formed by a focused energy 

source (laser/electron beam or arc plasma) as shown in Figure 2.2, b. While PBF 

commonly has higher dimensional accuracy and yields parts with smaller surface 

roughness [38], DED has multiple unique advantages over PBF (Figure 2.2, c-f): 1) 

DED enables higher deposition rates (up to 2.5 kg/h for DED versus 0.25 kg/h for PBF 

[78]), 2) DED has an inherent capability for multi-material deposition (e.g., in situ 

alloying [79]) and fabrication of functionally graded structures [80,81], 3) DED 
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systems can be adapted to fabrication of coatings [82,83] and repair of damaged parts 

[84,85], and 4) DED enables processing of large (>1000 mm3) part volumes [86].   

 
Figure 2.2. Metal additive manufacturing technologies. a) A schematic of the powder 
bed fusion process. b) A schematic of the directed energy deposition (DED) process. 
c) Application of DED in coatings (image courtesy Optomec). d) Repair of a DED-
fabricated 316L stainless steel turbine blade [84]. e) A functionally graded magnetic-
nonmagnetic bimetallic structure fabricated via DED [80]. f) A large aerospace 
component fabricated by a custom DED-based process (image courtesy Relativity 
Space). 

 

While DED in its core principles is similar to welding, it presents a variety of 

unique technical and scientific challenges. Microstructures of DED-deposited alloys 

usually exhibit highly elongated grains and preferred crystallographic orientations 

[87], leading to significant non-uniformities in mechanical properties [88]. Moreover, 

high cooling rates of up to 105 K/s [89] combined with the layer-by-layer nature of 

DED processing that subjects the material to repeated thermal cycles can cause 

complex phase transformations [90] and formation of detrimental residual stresses 

[91]. This chapter discusses an investigation of the effect of alloy composition on the 

residual stresses introduced during DED.  
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2.1.1 Residual stress in directed energy deposition 

Thermal and thermomechanical processing of metals brings about complex 

interactions between thermal gradients, elastic or inelastic strains/stresses, and 

microstructure (Figure 2.3), inevitably resulting in the introduction of residual 

stresses [92,93]. For example, in martensitic stainless steel weldments, the residual 

stress state (i.e. compressive/tensile character and magnitude) depends on the 

expansion introduced by the austenite-to-martensite transformation, as well as on the 

thermal shrinkage during cooling [94]. However, the martensite start temperature is, 

in turn, influenced by the principal residual stresses.  

 

Figure 2.3. A schematic diagram showing the coupling phenomena between 
temperature, stress/strain fields and microstructure in metallic components. 
Adapted from [93]. 

 
DED is a non-equilibrium processing technique with fast cooling rates of 102-

104 K/s [95–99] and thermal gradients on the order of 104-105 K/m [100,101] (Figure 

2.4, c). Due to the layer-by-layer nature of the process, the part goes through a highly 

complex thermal history, which includes melting, remelting and reheating of the 

material [96,98,100,102–105] (Figure 2.4, b). This can lead to complicated phase 

transformations and microstructural changes [96,97]. As a consequence, the residual 
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stresses that are introduced by DED can be highly nonuniform and often have high 

gradients up to ~102 MPa/mm [106,107]. Residual stresses in DED-fabricated parts, 

which often have tensile character, can cause a multitude of issues, including: 

distortion [102], cracking [108,109], delamination of parts from the substrate [108], 

early crack propagation under cyclic loading [110,111], and, as a result, premature 

failure of structural components. Understanding, predicting and mitigating residual 

stresses in DED parts is, therefore, of great importance.  

 
Figure 2.4. Origin of residual stress in directed energy deposition (DED). (a) Thermal 
residual stress formation model: heating phase (left) and cooling phase (right) [112]. 
(b) Thermocouple placement (left) and thermocouple response (right) during DED 
fabrication demonstrating complex thermal history of the printed part [100]. (c) 
Digital image of the molten pool during laser DED of stainless steel 316 (left) and 
temperature gradient along the gradient line (right) demonstrating large 
temperature gradients during DED [100].  
 

2.1.2 Measurement of residual stress  

Residual stress measurement is a non-trivial task, as no methods for direct 

stress measurements currently exist. Calculation of residual stresses requires 

acquisition of some other measurable quantities, e.g. displacement/distortion, lattice 
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spacing, or speed of sound. Residual stress measurement techniques are typically 

classified into destructive and non-destructive. Destructive techniques are based on 

mechanical stress relaxation and include hole drilling, serial sectioning, and ring-core 

drilling. Non-destructive techniques are based on measuring lattice spacing 

(diffraction techniques), speed of sound, or Barkhausen noise (sound emitted by a 

ferromagnetic material under external magnetizing field). When choosing a technique 

for residual stress measurement, there is a tradeoff between cost, speed, and 

resolution (Table 2.1). Moreover, most approaches are based on a series of 

assumptions, and care needs to be taken to make sure these assumptions are valid for 

the investigated component. A detailed review of residual stress measurement 

techniques can be found in [113–117].
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Table 2.1. Comparison of the main residual stress measurement techniques. 

Method Penetration 
depth 

Spatial 
resolution  

Advantages Limitations References 

Hole drilling ~1-2 x hole 
diameter 

~1.8 mm 
(typical 
hole 
diameter) 

Inexpensive; portable 
equipment; fast; easy to 
perform the 
measurement 

Semi-destructive; inapplicable in areas with high stress 
gradients; erroneous results possible in areas with σres ≥1/3 
σy; flat surface required for strain gauge; strain hardening in 
the vicinity of the hole may happen during material removal, 
causing errors up to 70 MPa; phase-specific stresses cannot be 
inferred from the measurements; limited resolution 

[113,114,116,117] 

Laboratory 
X-Ray 
diffraction 

~4-75 µm ~0.1-10 
mm 

Readily available; non-
destructive; can infer 
phase-specific stresses 

Surface sensitive technique; affected by surface roughness and 
flatness; affected by texture and grain size; need to know 
stress-free lattice spacing d0; need to know X-ray elastic 
constants; use of Cu Kα radiation in alloys containing Fe, Cr 
or Ti can result in fluorescent background 

[114,115,118] 

Synchrotron 
X-ray 
diffraction 

~0.1-40 mm ~ 5-10 µm High spatial resolution; 
nondestructive; can infer 
phase-specific stresses; 
does not activate the 
material after the 
experiment; fast 

Need to know stress-free lattice spacing d0; need to know X-
ray elastic constants; only available at national user facilities; 
low penetration depth as compared to neutrons  

[114,118] 

Neutron 
diffraction 

~1-10 cm ~1 mm 
(down to 
~250 µm in 
pinhole 
neutron 
diffraction) 

High penetration depth; 
nondestructive; can infer 
phase-specific stresses 

Few diffraction peaks acquired per scan; only available at 
national user facilities; low data acquisition rate; special 
handling requirements for activated samples; need to know 
stress-free lattice spacing d0; need to know elastic constants; 
low spatial resolution as compared to hard X-rays 

[114,118–120] 

Ultrasonic > 10 cm ~ 5 mm Inexpensive; portable 
equipment; non-
destructive; fast 

Microstructure sensitive; limited resolution; bulk 
measurement over large volume 

[113,114] 

Barkhausen 
noise  

~ 0.2 mm ~ 5-10 mm Fast; portable; non-
destructive; high 
penetration depth 

Ferromagnetic materials only; requires calibration; 
microstructure sensitive 

[113,121] 
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2.1.3 Mitigation of residual stress in additive manufacturing 

One of the most popular approaches for residual stress reduction is heating of 

the substrate, build chamber, and the printed part during deposition. This allows for 

a reduction of thermal gradients in the part during printing, minimizing the 

accumulated residual stresses. Corbin et al. [122] demonstrated that preheating of the 

substrate to ~400 °C can reduce the substrate distortion accumulated during printing 

of the first layer by 27.4%. Lu et al. [102] developed a 3D thermo-mechanical finite 

element (FE) model to study distortions and residual stresses induced by DED. Their 

findings indicate that when substrate preheating is combined with build chamber 

heating, both the residual stresses and distortions can be reduced by up to 80.2 and 

90.1%, respectively (Figure 2.5, a). Vasinonta et al. [123] also formulated a thermo-

mechanical model to study the effect of temperature gradients, as well as part and 

baseplate preheating on the residual stress of stainless steel parts fabricated by laser 

engineered net shaping (LENS®). Their results suggest that uniform part and 

baseplate preheating considerably reduces the residual stress. The maximum 

reduction of residual stress of ~40% was achieved by preheating the part and the 

baseplate to 400°C (Figure 2.5, b). These studies show that pre-heating of the 

substrate, build chamber and the printed parts is an effective approach for residual 

stress mitigation; however, pre-heating does not lead to complete elimination of the 

residual stresses or to conversion of tensile residual stresses into compressive, and 

further post-processing might be required to achieve these goals.  
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Figure 2.5. Influence of the preheating on the distortion and residual stress during 
DED. (a) Calculated distortion generated during laser directed energy deposition 
printing of Ti-6Al-4V. Preheating of the build chamber reduced the accumulated 
distortion [102]. (b) Influence of the part and baseplate preheating and resulting 
thermal gradients on the residual stress. Higher preheating temperatures lead to 
lower thermal gradients and, consequently, lower residual stresses [123]. 

 

Another approach for residual stress mitigation during printing is optimization 

of the scan strategy. Denlinger et al. [124] employed a series of in situ and post-process 

distortion measurements on Ti-6Al-4V and Inconel 625 L-DED parts to study the 

effect of interlayer dwell time on part distortion. They demonstrated that increasing 

the interlayer dwell time from 0 to 40 s allows for additional cooling during deposition 

and results in reduction of residual stress from ~710 MPa to ~566 MPa in Inconel 625. 

On the other hand, increasing dwell time from 0 to 40 s during printing of Ti-6Al-4V 

resulted in an increase of residual stress from ~98 MPa to ~218 MPa (Figure 2.6, a). 

These findings demonstrate that development and evolution of residual stress is highly 

material-dependent due to the complex interplay between residual stress and 

microstructure (Figure 2.3). Specifically, differences in behavior of Inconel 625 and 

Ti-6Al-4V may be attributed to differences in phase transformations during printing. 

Woo et al. [125] investigated the influence of scan strategy on the residual stress in 

functionally-graded materials (FGM) prepared by L-DED. Results of the study show 
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that the range of stress Δσ can be reduced from ~950 MPa for 0° hatch rotation, to 

~680 MPa for 90° hatch rotation, and then further reduced to ~430 MPa for island or 

“checkerboard” strategy. Yu et al. [126] employed a fractal scanning strategy, where 

the layers were scanned following a Hilbert curve. They demonstrated that the parts 

printed with this strategy exhibited lower substrate deformations as compared to 

conventional scan strategies due to the quasi-symmetric temperature distribution at 

the end of deposition process and lower temperature gradients introduced by the 

fractal scanning strategy (Figure 2.6, b). Ma and Bin [127] confirmed that fractal 

scan strategy leads to distortions ~55.7% lower than those produced by serpentine 

scan strategy in selective laser sintering. Interestingly, Strantza et al. [128] found that 

employing a widely popular “island” or “checkerboard” scan strategy in LPBF of Ti-

6Al-4V in place of continuous scanning throughout the part can increase residual 

stresses, especially in surface areas of the printed component. They also observed 

higher cut-off deflections in the part printed using the “island” scan strategy.  Overall, 

these studies demonstrate that scan strategy can have a large influence on the residual 

stresses and distortions in DED. 

 
Figure 2.6. Residual stress mitigation by scan strategy optimization. (a) Influence of 
the interlayer dwell time on the residual stress in Inconel 625 and Ti-6Al-4V [124]. 
Increased dwell time leads to lower residual stresses in Inconel 625, but higher 
residual stresses in Ti-6Al-4V. (b) Finite element analysis modeling results showing 
the influence of scan strategy on the temperature gradients during laser directed 
energy deposition [126]. Lowest gradients are obtained with a fractal scan strategy 
following a Hilbert curve.  
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Residual stresses can be further decreased by post-print heat treatments. Stress 

relaxation induced by heat treatment of Inconel 625 parts was studied by compression 

tests with in situ neutron diffraction by Wang et al. [129]. In this work, stress 

relaxation in both additively manufactured and conventionally processed parts was 

quantified, and analysis of both macroscopic stress and stress in grains with different 

orientations was performed. The results indicate that at the same temperature and 

applied strain, additively manufactured Inconel 625 had a higher stress relaxation rate 

and lower peak and plateau stresses than conventionally processed Inconel 625, due 

to different texture and grain sizes in these two materials. Wang et al. [91] employed 

neutron diffraction and demonstrated that residual stress in laser-based DED-printed 

Inconel 625 parts can be relieved by heat treatment at 870 °C in Ar for 1 h. However, 

heat treatment also leads to precipitation of carbides, which in turn reduces the 

reference strain-free lattice spacing, leading to potential errors in computation of 

residual stresses. Zhang et al. [130] further analyzed the phase composition and 

precipitation kinetics of Inconel 625 at temperatures relevant to stress-relief heat 

treatments. Their findings indicate that elemental segregation caused by AM 

processing is the root cause for unusual precipitation behavior in heat-treated IN 625. 

These studies indicate that post-print heat treatment is an effective approach for 

residual stress relief, but alloy-specific strategies must be developed to avoid 

formation of undesirable phases.  

Post-print surface treatments have been successfully employed to adjust the 

stress state of additively manufactured parts. Yamaguchi et al. [131] demonstrated that 

magnetic field assisted finishing (MAF) can reduce residual stresses on the surface of 

AM parts from ~200 MPa to ~-70 MPa, converting the tensile stress on the part 

surface into compressive. Guo et al. [132] used laser shock peening (LSP) as a post-

print treatment to modify the surface stress in L-DED Ti-6Al-4V parts. This approach 
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allowed for modification of surface residual stresses from ~100 MPa to ~-200 MPa, as 

well as an increase of microhardness from ~361 HV to ~420 HV. Sun el al. [133] 

applied LSP to wire-arc additively manufactured (WAAM) 2319 aluminum alloy, 

demonstrating that compressive stresses of up to -100 MPa were introduced by LSP. 

LSP also dramatically increased the surface microhardness of the WAAM parts from 

~75 HV to ~110 HV. These studies show that post-print surface modification can 

introduce surface compressive stresses, potentially improving the fatigue life of DED-

printed parts.   

2.1.4 Alloy engineering for residual stress mitigation in welding 

As discussed above, most popular stress mitigation techniques in metal AM are 

based on adjusting process parameters, such as substrate/chamber temperature, scan 

strategy, or interlayer dwell time. These approaches are not capable of completely 

eliminating residual stresses or of converting detrimental tensile stresses into 

beneficial compressive stresses. An alternative approach to residual stress 

manipulation has been explored in welding of high strength steels. Instead of adjusting 

welding parameters, the composition of the well filler itself is changed to leverage the 

transformation strains associated with the austenite-to-martensite transformation.  

Ohta et al. [134] investigated using a low transformation temperature (LTT) 

wire in welding of JIS SPV490 structural steel. They showed that adjusting the 

composition of welding wire allowed to reduce the martensite start temperature to 

from ~500 °C  to ~180 °C. Lower martensite start temperature enabled expansion of 

the weld metal in the final stage of solidification, inducing compressive residual stress 

within the weld (Figure 2.7, a). In contrast, in a conventional welding wire, tensile 

residual stresses were observed within the weldment. Such a change in the residual 

stress character had a profound effect in fatigue performance of the welded material, 
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decreasing fatigue crack propagation rate throughout the investigated range of stress 

intensity factor (Figure 2.7, b).   

 

Figure 2.7. Effect of using a low transformation temperature (LTT) welding wire on 
residual stress [134]. a) Comparison of residual stress distributions in weldments 
fabricated with LTT and conventional welding consumables. b) Using LTT weld 
metal significantly improved fatigue properties of the weld.  

 

A similar study was performed by Ramjaun and colleagues [135], who 

demonstrated that using a weld filler alloy that exhibits a low martensite start 

temperature of ~164 °C can influence residual stresses in weldments. They employed 

neutron diffraction residual stress measurements and showed that LTT welding alloy 

was capable of inducing compressive residual stress in both single- and multi-pass 

welds (Figure 2.8). However, steep stress gradients were still present within the 

welds  
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Figure 2.8. Distribution of residual  stresses within a three-pass weld fabricated 
using a low transformation temperature wire [135].  

 

 An in situ synchrotron diffraction study of multi-pass LTT welds was performed 

recently by Dixneit et al. using time and spatially resolved angle dispersive XRD in 

transmission geometry [136]. They investigated LTT CrNi and LTT CrMn fillers, as 

well as the conventional filler for high strength steels, Mn4Ni2CrMo (Figure 2.9, a).  

The in situ setup has enabled investigation of lattice strains both at the root and at the 

final weld pass. In addition, use of diffraction for residual stress measurements 

enabled investigation of phase-specific strains within the !,	αb	and	α’	phases	(Figure 

2.9, b). Use of LTT fillers enabled reduction of the martensite start temperature from 

~420 °C in conventional filler to ~ 240 °C in LTT CrNi and ~180 °C in LTT CrMn.  In 

a conventional filler, high tensile lattice strains were observed within the austenite 

phase, and nearly-zero lattice strains were observed at room temperature within the 

martensite phase. In contrast, in both LTT CrNi and LTT CrMn, compressive lattice 

strains were observed upon cooling of both austenite and martensite. The authors 

speculate that, in LTT welds, the volume expansion caused by the austenite-to-



 42 

martensite transformation counteracted the strains formed due to restrained cooling 

of the material.   

 

Figure 2.9. In situ synchrotron diffraction study of welding using transformation 
temperature (LTT) fillers [136]. a) Optical micrographs of weld cross-sections of LTT 
CrMn (left), LTT CrNi (middle) and conventional (right) fillers. b) Phase-specific 
lattice strain within the LTT CrMn, LTT CrNi and conventional welds in longitudinal 
direction. 

To date, use of LTT alloys in AM has not been investigated. However, Chen et 

al. demonstrated Ar arc cladding of LTT powder [137]. They found high compressive 

residual stresses ranging from -229 MPa to -361 MPa within the clad coatings. In 

addition, LTT coating enhanced the hardness and wear resistance of the material.  
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2.2 Motivation and aims 

In this work, we drew inspiration from the use of LTT materials in welding to 

demonstrate that solid-state phase transformations have crucial consequences for 

residual stress in metal AM parts. To investigate the effect of solid-state phase 

transformations, we compared two metals fabricated using DED: 1) pure Fe, and 2) 

Fe-50Cu (wt.%) binary alloy. The choice of these two materials was based on several 

considerations, discussed in detail below.  

First and foremost, Fe and Fe-50Cu undergo different phase transformations 

upon cooling from the melt. As shown in the Fe-Cu binary phase diagram in Figure 

2.10, a and Fe cooling diagram in Figure 2.10, b, pure Fe solidifies first as body-

centered cubic (BCC) --Fe.	 It	 is	 then	 transformed	 into	 the	 face-centered	 cubic	 (FCC)	

austenite	!-Fe.	Further	cooling	leads	to	a	transition	to	BCC	ferrite	α-Fe.	These	BCC	to	FCC	

transitions	are	accompanied	by	a	change	in	density	and	volume:	density	of	--Fe	at	1660	

°C	is	7.50	g/cm3,	density	of	!-Fe	at	912	°C	is	7.70	g/cm3,	and	density	of	α-Fe	at	900	°C		is	

7.62	g/cm3	[138,139].	Consequently, the -→!	transformation	causes	an	~3%	decrease	

in	volume,	while	the	!→α	transformation	causes	a	~1%	increase	in	volume.		

 

Figure 2.10. a) Binary Fe-Cu phase diagram, with dashed line indicating the Fe-50Cu 
(wt.%) composition. Adapted from [140]. b) Cooling diagram of pure Fe.  
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 The	 phase	 transformation	 sequence	 of	 Fe-50Cu	 does	 not	 include	 --Fe:	 !-Fe	

particles	solidify	directly	within	the	liquid	Cu-rich	phase,	and,	upon	cooling,	the	Fe-rich	

phase	 undergoes	 the	 !→α	 transformation.	 This	means	 that	 the	 phase	 transformation	

accompanied	 by	 the	 decrease	 in	 volume	 is	 eliminated	 in	 Fe-50Cu,	 while	 the	 phase	

transformation	accompanied	by	an	 increase	 in	volume	 is	preserved.	We	can	 therefore	

hypothesize	 that	 this	 last	 !→α	 transformation	 in	 Fe-50Cu	 will	 lead	 to	 formation	 of	

compressive	residual	stresses,	similarly	to	the	LTT	welding	wires	discussed	above,	while	

parts	fabricated	from	pure	Fe	will	feature	lower	compressive	or	tensile	stresses. 

Second, Fe-Cu alloys possess a unique combination of high electrical and 

thermal conductivity with high strength and good plasticity [141–143]. However, a 

metastable miscibility gap that exists in the Fe-Cu system makes conventional 

processing (e.g., casting) of Fe-Cu alloys challenging. If the melt is undercooled into 

the metastable miscibility gap, it will decompose into two liquids, leading to formation 

of large spherical droplets of the minority phase within the majority phase (Figure 

2.11, b). At low cooling rates, the minority phase droplets can aggregate, causing melt 

separation in Fe-Cu (Figure 2.11, a). As cooling rate increases, solidification 

structures become more refined, as demonstrated in Figure 2.11, c where electron 

beam melting with a cooling rate up to 105 °K/s was employed. In general, rapid 

solidification processes, such as gas atomization [144,145] and splat quenching [146], 

have been used to produce finely dispersed microstructures in Fe-Cu alloys. These 

processes, while successful at facilitating formation of fine solidification structures in 

Fe-Cu alloys, are expensive and not readily scalable.  



 45 

 

Figure 2.11. Solidification structures of Fe-Cu alloys. a) Scanning electron 
microscopy (SEM) image of a cast Fe-50Cu alloy exhibiting a clear junction between 
two phase-separated liquids [143]. b) Optical micrograph showing spherical 
particles formed by liquid phase separation in Fe-Cu alloy [147]. c) A SEM 
micrograph of Fe-50Cu alloy fabricated via electron beam melting, showing fine 
distribution of the two phases [148]. 

 

AM processing of Fe-Cu alloys can enable finely dispersed microstructures due 

to the large cooling rates inherent to metal AM. However, to date, few studies report 

AM of Fe-Cu alloys. Makarenko and Shishkovsky [149] demonstrated DED of 

multilayer functionally graded material (FGM) specimens fabricated from 316L 

stainless steel and aluminum bronze (10% Al). The SEM micrographs showed some 

evidence of liquid-phase separation with spherical Fe-rich particles of ~7 µm in 

diameter, as well as formation of Fe-rich dendrites and particles within the Cu-rich 

matrix. Additionally, round nanoscale porosity was observed within the samples. 

Osipovich et al. fabricated FGM structures based on 304 stainless steel and C11000 Cu 

alloy (99.9 wt% Cu) using the wire-fed electron beam technique. They also observed 

some liquid phase separation within the gradient/transition zone, with Fe-rich 
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particles within the Cu-rich matrix [150]. Interestingly, Vickers microhardness within 

the gradient zone was not significantly lower than microhardness of the pure steel 

zone. Recently, Zafari and Xia  [142] demonstrated SLM of the Fe-20Cu (vol.%) alloy. 

They used mixed Fe and Cu powders as the feedstock material. The major finding of 

this study is that in SLM-printed Fe-Cu, formation of large columnar grains typical for 

AM was suppressed, and small nearly-equiaxed grains with a median grain size of 138 

nm were observed (Figure 2.12, c). SLM-fabricated Fe-20Cu exhibited a compressive 

yield strength of ~900 MPa, while SLM-fabricated Fe demonstrated a compressive 

yield strength of ~400 MPa. This strengthening by a factor of 2.25 was attributed to 

the presence of nano-sized (~5 nm) Cu particles that provided dispersion 

strengthening.  



 47 

 

Figure 2.12. Additive manufacturing of Fe-Cu alloys. a) Scanning electron 
microscopy micrographs of a stainless steel 316L – aluminum bronze functionally 
graded material (FGM) [149]. b) 304 stainless steel and C11000 Cu FGM fabricated 
via electron beam melting [150]. c) Selective laser melting of Fe-20Cu produced parts 
with highly refined grains [142].  

 
In this work, we use DED to fabricate samples from pure Fe and Fe-50Cu (wt.%) 

binary alloy. By comparing residual stresses formed within the two alloys, we 

demonstrate that the solid-state transformation play an important role in formation 

of residual stresses in AM-fabricated parts. Moreover, we show that DED is a feasible 

technique for fabrication of highly dense Fe-Cu parts with finely dispersed 

microstructures unattainable by conventional materials processing approaches.  
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2.3 Materials and methods 

Test samples (10 x 10 x 10 mm cubes) were fabricated using an Optomec 750 

laser engineered net shaping (LENS®) (Optomec, Albuquerque, NM, USA) system 

equipped with a 1kW 1064 nm YLR continuous wave laser (IPG Photonics, Oxford, 

MA, USA). The deposition chamber was kept in an inert Ar atmosphere, with oxygen 

level continuously monitored an maintained at <20 ppm. Samples were deposited 

onto a ASTM A36 low-carbon steel substrate plate of 6.35 mm in thickness. Spherical 

gas-atomized powders of Fe and Fe-50Cu (wt.%) powders with nominal particle 

diameters of 38-150 µm were used as a feedstock material (TLS Technik GmbH & Co. 

Spezialpulver KG, Bitterfeld-Wolfen, Germany). A total of 18 samples (9 samples for 

Fe and 9 samples for Fe-50Cu) were fabricated to separate the effect of alloy 

composition and process parameters on the residual stresses. The process parameter 

sets producing nearly fully-dense samples were determined through a series of 

preliminary experiments as detailed below. For all samples, the layer thickness was set 

to 0.254 mm, hatch spacing was set to 0.4064 mm and working distance was set to 

~13.7 mm to produce a laser spot 0.7 mm in diameter.  

The porosity of printed samples was measured using optical microscopy (OM) 

with the BX53M microscope (Olympus, Shinjuku, Tokyo, Japan). The images were 

then processed using ImageJ software (NIH), and the total porosity was determined 

as fraction of the porosity area to the total cross-sectional area. To color the ferrite 

grains, samples were color etched using Klemm’s I etch (1 g K2S2O5 dissolved in 50 ml 

of stock solution of Na2S2O3). 

Residual stress measurements were performed by the hole drilling method 

according to the ASTM E837-13a standard by Hill Engineering (Rancho Cordova, CA, 

USA). A EA-06-031RE-120 type A strain gauge rosette (Vishay, Malvern, PA, USA) 
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with three radial gauge elements (Figure 2.13) was positioned on the top surface of 

the samples, and a total of 20 measurements were taken for depth profiling of residual 

stresses. Maximum and minimum principal residual stresses σmax and σmin were then 

calculated as:  

Z!"# , Z!$% =	
&!	(	&"

) ±](
&"*&!
) )) + _#+) ,  

where σx, σy – normal residual stresses (MPa), and τxy – shear residual stress (MPa).  

 

Figure 2.13. A Vishay ES-06-031RE-120 strain gauge for residual stress 
measurements.  

 To distinguish the surface and bulk residual stresses, the top 0.5 mm of the 

samples through which the residual stress measurements were performed were 

divided into two zones: “surface” (< 90 µm from the top surface) and “bulk” (≥ 90 µm 

mm from the top surface). The residual stresses within the surface and bulk zones were 

then averaged, reducing the 20 measurements to 2 data points per sample. Analyses 

of variance (ANOVA) were then performed on the bulk and surface datasets to 

determine the of the volumetric energy density (VED, J/mm3) and alloy composition 

on the total variation in residual stresses.  

The elastic properties (i.e., Poisson’s ratio and Young’s modulus) were 

measured through the ultrasound velocity technique with a 38DLP ultrasonic 



 50 

thickness gauge (Olympus, Shinjuku, Tokyo, Japan) equipped with a 5MHz 0.25 in. 

diameter longitudinal wave contact transducer and a 5MHz 0.25 in. diameter normal 

incidence shear wave contact transducer. Sample densities were measured using the 

Archimedes’s principle. Poisson’s ratio ν and Young’s modulus E were calculated as: 

` = 	
1 − 2(b,b-

))

2 − 2(b,b-
))

 

c = 	
b-)d(1 + `)(1 − 2`)

1 − `  

where VT – shear (transverse) velocity (mm/µs), VL – longitudinal velocity (mm/µs), 

d – sample density (g/cm3).  

 Samples for microstructure examination were prepared by following the 

standard metallographic procedures. First, the samples were embedded in 

KoductoMet conductive phenolic mounting compound (Buehler, Lake Bluff, IL, USA). 

Then, the samples were polished with SiC papers (320-1200 grit) using an AutoMet 

automatic polisher (Buehler, Lake Bluff, IL, USA), followed by polishing with 3 and 1 

µm diamond paste with extender on a canvas polishing surface. Finally, the samples 

were polished using aqueous alumina slurry on a microcloth pad in a GIGA-0900 

vibratory polisher (PACE Technologies, Tucson, AZ, USA) for ~6 hours. 

Scanning electron microscopy (SEM) and energy-dispersive spectroscopy 

(EDS) were performed with a Magellan 400 XHR microscope (FEI, Hillsboro, OR, 

USA). Electron backscatter diffraction (EBSD) and focused ion beam (FIB) TEM 

sample preparation were performed using a GAIA3 SEM-FIB dualbeam microscope 

(Tescan, Brno, Czech Republic) equipped with a NordlysMax2 EBSD detector (Oxford 

Instruments, Abingdon, Oxfordshire, UK) and a Ga ion source.  

EBSD maps were post-processed using the open source MTEX Matlab toolbox 

[40]. Data points with mean angular deviation (MAD) of > 1° were removed, and grain 
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reconstruction was performed by defining grains as areas of the map completely 

surrounded by boundaries with a misorientation > 5. The orientation data were 

denoised and missing data were interpolated using the half-quadratic filter [41]. An 

approach based on local orientation changes was employed to calculate the density of 

geometrically necessary dislocations (GNDs) [42]. 

Scanning transmission electron microscopy (STEM) was performed with a 

JEM-2800 S/TEM microscope outfitted with dual 100 mm2 silicon drift detectors 

(SDD) for EDS.  

2.4 Results 

2.4.1 Powder characterization 

First, we investigated the morphology and composition of the gas atomized Fe 

and Fe-50Cu powders (Figure 2.14). The Fe powder particles were found to exhibit 

spherical shape (Figure 2.14, a), while the Fe-50Cu powder featured more irregularly 

shaped particles (Figure 2.14, b). Powder diffraction patterns collected from the Fe 

and Fe-50Cu samples confirmed that no extraneous phases were present in the 

feedstock powders (Figure 2.14, c).  

 

Figure 2.14. Characterization of feedstock powders. a) A scanning electron 
microscopy (SEM) micrograph of Fe powder particles. b) A SEM micrograph of Fe-
50Cu (wt.%) powder particles. c) Powder X-ray diffraction patterns obtained from 
Fe (red trace) and Fe-50Cu (black trace) powders. 
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2.4.2 DED process parameters optimization 

To determine the optimal processing parameters for LENS® of pure Fe parts, 

we deposited multiple 10 x 10 x 10 mm cuboid test samples. We used specific energy E 

(J/mm2) and powder mass density G (g/mm2) as combined parameters guiding the 

optimization:  

c	 = 	
e
2fg.

	 

h	 = 	
i̇
2fg.

 

where P is the laser power (W), v is the scan speed (mm/s), rl is the radius of the laser 

spot and ṁ is the feed rate of the powder (g/min).  

Figure 2.15 shows that at high E/G ratios, the dilution problem is present, i.e. 

not enough powder is supplied to successfully build the parts. If the E/G ratio is low, 

the porosity problem is evident, i.e. the laser power is not high enough to melt all the 

particles, leading to formation of lack-of-fusion porosity. The feasible processing 

window is indicated in Figure 2.15 with a green oval.  
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Figure 2.15. Directed energy deposition processing window for pure Fe.  

 
Additionally, the effect of specific energy on the porosity of the parts is 

illustrated in Figure 2.16. Lower specific energy yielded highly-porous samples with 

both lack-of-fusion and gas porosity present. Higher specific energy produced parts 

with a decreased amount of lack-of-fusion and gas porosity.  
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Figure 2.16. Effect of specific energy on porosity of Fe parts printed via directed 
energy deposition (DED). Higher specific energy used during DED reduces the 
amount of lack of fusion porosity.  

 
 

Table 2.2. Directed energy deposition process parameters used in this study. 

Sample 
ID 

Material Laser 
power 

(W) 

Scan 
speed 

(mm/s) 

Powder 
feed  
rate 

(g/s) 

Specific 
energy 

(J/mm2) 

VED* 
(J/mm3) 

Powder 
mass 

density 
(g/mm2) 

60-62 Fe 467 26.67 0.365 25 100 0.020 
63-65 Fe 889 16.93 0.237 75 300 0.020 
66-68 Fe 926 10.58 0.170 125 500 0.023 
73-75 Fe-50Cu 889 16.93 0.271 75 300 0.023 
101-103 Fe-50Cu 400 16.09 0.270 36 140 0.024 
104-106 Fe-50Cu 380 6.35 0.245 85 340 0.055 
107-109 Fe-50Cu 450 16.93 0.247 38 152 0.021 

*VED – volumetric energy density 

2.4.3 Elastic properties 

The measured Poisson’s ratio and Young’s modulus for the two additively 

manufactured materials, Fe and Fe-50Cu, are presented in Table 2.3. Poisson’s ratio 

was determined to be 0.28 and 0.33 for Fe and Fe-50Cu, respectively. Young’s 



 55 

modulus was calculated as ~201 GPa for Fe and ~144 GPa for Fe-50Cu. These values 

are consistent with the literature data (~208 GPa for Fe) and the rule of mixtures, 

through which the estimated modulus of Fe-50Cu is estimated to be ~168 GPa [151].  

 
Table 2.3. Material elastic constants determined from the ultrasonic velocity 
measurements. 

Material Shear 
velocity 

(mm/µs) 

Longitudinal 
velocity 

(mm/µs) 

Density 
(g/cm3) 

Poisson’s 
ratio 

Young’s 
modulus 

(GPa) 

Shear 
Modulus 

(GPa) 
Fe 3.193 5.788 7.69 0.28 201 78 

Fe-50Cu 2.624 5.231 7.85 0.33 144 54 

 

2.4.4 Microstructure of Fe DED deposits 

Optical micrographs of the microstructure of a representative pure Fe LENS® 

build are shown in Figure 2.17. At the bottom of the build, the heat affected zone 

between the low-carbon steel substrate and the pure Fe build is present. The pure Fe 

part exhibits grains elongated along the build direction, as is typical for AM. White 

arrows indicate gas porosity, while no lack of fusion porosity was observed in the 

builds fabricated using the optimized parameters.  
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Figure 2.17. Optical micrographs showing the microstructure of a representative 
pure Fe LENS® build (scale bar 200 µm). a) An optical micrograph of an entire Fe 
LENS® build. b) Microstructural variations along the build direction. White arrows 
indicate gas porosity. 

 
Figure 2.18 presents SEM micrographs of a representative Fe sample 

fabricated at a VED of 100 J/mm3. Melt pool boundaries are visible from the low 

magnification micrographs (Figure 2.18, a), and no lack of fusion porosity is 

observed within the sample. In the higher magnification micrographs (Figure 2.18, 

b), a tendency of spherical gas pores of ~230 nm in diameter to migrate to the grain 

boundaries is evident. The pores then coalesced, promoting hot cracking at the grain 

boundaries [152]. This effect was not present in the Fe sample fabricated at a VED of 

500 J/mm3 (Figure 2.19), where the gas porosity was distributed randomly and did 

not segregate or coalesce. 



 57 

 
Figure 2.18. Scanning electron microscopy micrographs showing the microstructure 
of a representative Fe sample fabricated at a VED of 100 J/mm3. a) Melt pool and 
heat affected zone boundaries are evident in the sample. No lack of fusion pores are 
observed. b) Gas porosity segregation and hot cracking at the grain boundaries 
(cracks are indicated with yellow arrows). Gas pores occupy ~3% of the area, with 
average pore Feret’s diameter of ~229 ± 120 nm. 

 

 

 
Figure 2.19. Scanning electron microscopy micrographs showing the microstructure 
of a representative Fe sample fabricated at a VED of 500 J/mm3. a) Large grains 
elongated along the build direction are evident. b) Gas porosity is randomly 
distributed within the grains, in contrast to the 100 J/mm3 sample. Gas pores occupy 
~1.5% or the area, and have an average Feret’s diameter of ~239 ± 108 nm, similar 
to the 100 J/mm3 sample.  

 
 



 58 

2.4.5 Microstructure of Fe-50Cu DED deposits 

 SEM micrographs of a representative microstructure of a Fe-50Cu deposit are 

shown in Figure 2.20. In these secondary electron micrographs, the Fe-rich phase 

appears darker than the Cu-rich phase due to a lower atomic number of Fe as 

compared to Cu. The Fe-rich phase forms finely-distributed, nearly-spherical particles 

or elongated dendrites, depending on the position within the melt pool.  

 

Figure 2.20. Scanning electron microscopy images showing some representative 
microstructures of a DED-fabricated Fe-50Cu sample. The Fe-rich phase appears 
darker than the Cu-rich phase. Gas porosity appears as black spherical particles.   

 
EDS analysis revealed that dendrites and spherical particles are Fe-rich, while 

interdendritic regions are Cu-rich (Figure 2.21). After LENS® processing, 

composition of the Fe-50Cu alloy remained close to that of the pristine powder: 49.1-

49.8 wt.% Fe and 50.2-50.9 wt.% Cu (Table 2.4). This result indicates that Cu loss 

during DED processing was minimal, despite its significantly lower melting point 

(1538 °C and 1085 °C for Fe and Cu, respectively [151]).  
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Figure 2.21. Energy dispersive spectroscopy mapping of a representative Fe-50Cu 
deposit showing the distribution of the Fe-rich and Cu-rich phases.  

 

Table 2.4. Energy-dispersive spectroscopy chemical composition analysis results for 
three sites shown in Figure 2.21. 

Site Element Wt. % At.% 

1 Fe 49.8  53.0 
 Cu 50.2 47.0 
2 Fe 49.3 52.5 
 Cu 50.7 47.5 
3 Fe 49.1 52.4 
 Cu 50.9 47.6 

 

2.4.6 Residual stresses in DED-printed samples 

Results of residual stress measurements are presented in Figure 2.22. For 

samples fabricated from pure Fe feedstock powder, higher energy input during 
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printing yielded residual stresses lower in magnitude and of a more compressive 

character (Figure 2.22, a). For Fe-50Cu samples, surface compressive stresses of ~ -

190 MPa were observed (Figure 2.22, b). High variability was observed between the 

replicate samples fabricated with the same process parameters.  

 

Figure 2.22. Residual stress measurement results. Data for individual samples are 
shown in grey traces. Red and blue traces show mean values of residual stresses 
calculated for three replicate samples. Error bars represent 95% confidence intervals 
on the mean. a) Maximum principal residual stress in Fe samples fabricated at three 
VEDs: 100 J/mm3 (left), 300 J/mm3 (center) and 500 J/mm3 (right). b) Maximum 
principal residual stress in Fe-50Cu samples fabricated at three VEDs: 140 J/mm3 

(left), 300 J/mm3 (center), and 340 J/mm3 (right). 

 
The mean values of maximum principal residual stress in the bulk and surface 

zones of the Fe and Fe-50Cu samples as a function of VED are plotted in Figure 2.23. 

For pure Fe samples, higher VED used during DED caused lower stress both in the 

bulk and on the surface of the samples. For Fe-50Cu, higher VED caused higher bulk 
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stresses and did not affect the surface stresses. This result suggests that the 

relationship between the residual stress and process parameters is material-specific, 

corroborating the findings of Denlinger et al. obtained for Ti-6Al-4V and Inconel 625  

[124] and validating out initial hypothesis. 

 
Figure 2.23. Maximum principal residual stress in the bulk (right) and surface (left) 
zones of the Fe and Fe-50Cu samples as a function of volumetric energy density 
(VED).  
 

 

The ANOVA results are presented in Table 2.5. For the surface residual 

stresses, there was a statistically significant difference between the Fe and Fe-50Cu 

materials as determined by one-way ANOVA (F(1,5) = 80.181, p =  1.16 x 10-6). 

Moreover, the difference between the samples fabricated with different VEDs was also 

statistically significant (F(1,5) =7.977, p = 0.00223). Based on the ANOVA results, 

~64.6% of the variation in surface principal residual stresses was attributed to the alloy 

composition, ~25.7% to the VED, and ~9.7% of the variation was not explained by the 

statistical model and was attributed to random error. For the bulk residual stresses, 

both VED and material factors had a statistically significant effect on the bulk principal 

residual stresses (p = 3.93 x 10-6 and p = 2.14 x 10-5, respectively). Variation 

partitioning based on the ANOVA results suggested that ~25.7% of the variation in 
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bulk principal residual stress was attributed to the alloy composition, ~67.4% - to the 

VED, and ~6.9% - to the random error. The statistical analysis results confirmed our 

initial hypothesis that the residual stresses in additively manufactured metal parts can 

be manipulated by adjusting the alloy composition. Moreover, adjusting the process 

parameters also had a statistically significant effect on both bulk and surface residual 

stresses.   

 

Table 2.5. Analysis of variance results for bulk and surface residual stresses. 

Source DF SS MS F-value p 

Surface residual stress 

Material 1 132199 132199 80.181 1.16 x 10-6*** 

VED 5 52607 13152 7.977 0.00223** 
Residuals 
(error) 14 19785 1649   

Bulk residual stress 

Material 1 12470 12470 45.15 2.14 x 10-5*** 

VED 5 32673 8168 29.57 3.93 x 10-6*** 

Residuals 
(error) 14 3314 276   

 

2.4.7 Plastic deformation in DED-printed Fe-50Cu 

Phase-specific plastic deformation within the Cu-rich and the Fe-rich phases of 

DED-fabricated Fe-50Cu alloy was examined directly with TEM. A TEM sample was 

extracted with a focused ion beam lift out procedure from within the top 500 µm of 

the LENS® deposit (Figure 2.24, a). Examination of the sample using STEM 

revealed a high density of dislocations within the Cu-rich phase (Figure 2.24, b-c), 

and dislocation-free Fe-rich dendrites and particles. This was further confirmed with 
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STEM-EDS, which demonstrated conclusively that a high dislocation density within 

the Cu-rich phase (Figure 2.24, d).  

 

Figure 2.24. Scanning transmission electron microscopy (STEM) imaging of a DED-
fabricated Fe-50Cu sample. a) An SEM micrograph of the TEM sample. b-c) Bright-
field STEM micrographs showing high dislocation density within the Cu-rich phase. 
D) STEM-EDS mapping confirming that dislocations are confined to the Cu-rich 
phase.  

 

To quantify the GND density within the two phases, we performed EBSD 

mapping of a Fe-50Cu sample (Figure 2.25). A phase map showing the distribution 

of the Fe-rich and Cu-rich phases is presented in Figure 2.25, a. Inverse pole figure 

(IPF) map of the Fe-rich phase (Figure 2.25, b) demonstrates that each of the Fe-

rich particles and dendrites is a separate grain. In contrast, IPF map of the Cu-rich 

phase (Figure 2.25, c) suggests gradual orientation changes within the Cu-rich phase 

and formation of relatively large, micro-scale grains. Phase-specific analysis of the 
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GND density revealed that GND densities were lognormally distributed within both 

phases (Figure 2.25, d). The mean GND density was calculated to be 471 ± 95 µm-2 

in the Fe-rich phase and 684 ± 80 µm-2 within the Cu-rich phase, and a t-test 

performed on the difference in means confirmed statistical significance of the 

difference in GND densities between the two phases (p = 0.0008).  

 
Figure 2.25. Electron backscatter diffraction (EBSD) mapping of a DED-fabricated 
Fe-50Cu sample. a) Phase map showing the distribution of the Fe-rich and Cu-rich 
phases. b) Inverse pole figure (IPF) map of the Fe-rich phase. c) IPF of the Cu-rich 
phase. d) Histogram of the geometrically necessary dislocation (GND) density for the 
two phase, with mean GND densities plotted in the inset.  Error bars indicate 95% 
confidence intervals.  

 

2.5 Discussion 

DED-printed parts of pure Fe tended to exhibit large grains elongated along the 

build direction (Figure 2.17, Figure 2.18, Figure 2.19) , which is a microstructure 

typical for additively-manufactured parts. Fe-50Cu parts, in turn, showed a fine 

dispersion of the Fe-rich phase within the Cu-rich matrix and small, randomly-

oriented grains (Figure 2.21, Figure 2.25). Interestingly, such finely-dispersed 

microstructures cannot be readily achieved in immiscible alloys in general and Fe-Cu 

binary alloys specifically using conventional manufacturing methods, such as casting 

[153].  
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Hole drilling residual stress measurements demonstrated that both the 

magnitude and the character (i.e., tensile/compressive) of the residual stress can be 

manipulated by engineering solid-state transformations in the alloy. By separating the 

stresses into surface and bulk components and applying ANOVA to the resulting data, 

we were able to demonstrate that surface residual stresses are controlled by the alloy 

composition. For surface residual stress, ~65% of the total variation was attributed to 

the alloy composition, ~25% – to DED process parameters summarized in VED, and 

~10% to other factors and random error. In contrast, for bulk residual stress, the 

variation was dominated by DED process parameters: ~67% of the variation was 

attributed to VED, ~26% - to alloy composition, and 7% - to random error.  

It is important to note that the present analysis of the residual stresses is limited 

by the hole-drilling technique, in which only in-plane stresses can be measured. No 

information about the build direction stresses can be acquired with a strain gage 

placed on the top surface of the sample. Future studies will involve additional strain 

gages placed on side surface of the sample or other residual stress measurement 

approaches that are capable of measuring stresses in x, y and z direction, such as 

neutron diffraction.  

Overall, residual stresses were more compressive in the Fe-50Cu samples. We 

can speculate that this effect can be attributed to the phase transformations occurring 

during solidification of the Fe-50Cu binary alloy. According to the Fe-Cu binary phase 

diagram, the FCC !-Fe	phase	solidifies	first,	followed	by	solidification	of	the	ε-Cu	phase	

and	a	solid-state	phase	 transformation	of	FCC	!-Fe	 to	BCC	α-Fe	(Figure 2.10).	Upon	

further	cooling,	 the	system	stabilizes	as	a	 two-phase	solid	with	 the	Cu-rich	phase	as	a	

matrix.		



 66 

A schematic representation of the phase and microstructure evolution during 

solidification of Fe-50Cu binary alloy is shown in Figure 2.26. Solid-state phase 

transformation of FCC	!-Fe	to	BCC	α-Fe	is	accompanied	by	a	~1%	volume	increase	of	the	

Fe-rich	particles/dendrites	due	to	BCC	lattice	accommodating	fewer	atoms	in	a	unit	cell	

than	the	FCC	lattice.	 

 
Figure 2.26. A schematic representation of phase evolution during solidification of 
the Fe-50Cu alloy. 

 
We can now discuss the phase and microstructure evolution of Fe-50Cu in 

terms of the residual stresses within the system upon cooling (Figure 2.27). Let us 

first focus on pure Fe. .	In	the	liquid	state,	residual	stresses	within	this	system	are	equal	

to	 zero.	Upon cooling, the BCC --Fe	 phase	 solidifies	 first.	 Cooling	 of	 --Fe	 results	 in	

thermal	contraction	of	 the	sample	that	 is	constrained	by	the	substrate,	which	 leads	to	

development	 of	 hydrostatic	 tensile	 residual	 stresses.	 At	 ~1394	 °C,	 the	 BCC	 --Fe	

undergoes	a	solid-state	phase	transformation	to	FCC	!-Fe	accompanied	by	~3%	decrease	

in	volume.	The	decrease	in	volume	is	associated	with	a	rapid	increase	in	tensile	residual	

stress.	After	the	phase	transformation	is	complete,	the	system	once	again	undergoes	only	

thermal	 contraction,	 which	 continues	 to	 increase	 residual	 stresses	 until	 the	 system	

reaches	~910	°C.	 	At	this	temperature,	FCC	!-Fe	is	transformed	to	BCC	α-Fe,	causing	a	

~1%	 increase	 in	 volume,	 which	 slightly	 decreases	 the	 residual	 stress.	 Finally,	 upon	

further	cooling,	the	residual	stresses	increase	due	to	thermal	contraction	of	α-Fe.		
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Figure 2.27. A schematic of the evolution of residual stress during solidification and 
cooling of pure Fe and the Fe-50Cu alloy. 

  

The evolution of residual stresses in the Fe-50Cu alloy follows a different path. 

First, we can consider the Fe-rich phase. The !-Fe particles and dendrites solidified 

within the liquid Cu-rich phase will be virtually stress-free. Upon solidification of ε-Cu	

that	starts	at	~1085	°C,	thermal	contraction	of	the	Cu-rich	matrix	induces	compressive	

residual	stresses	within	the	!-Fe particles and dendrites. At ~910 °C,	solid	state	phase	

transformation	of	!-Fe	to	α-Fe	(accompanied	by	volume	expansion	of	the	Fe	particles)	

leads	to	an	increase	in	compressive	residual	stresses.	Further	cooling	of	the	system	leads	

to	thermal	contraction	of	the	particles	and,	consequently,	to	a	decrease	in	compressive	

residual	stresses.	The	Cu-rich	phase	follows	a	similar	path.	Liquid	Cu-rich	phase	remains	

stress-free	until	 	~1085	°C,	at	which	point	solidification,	cooling	and	resulting	thermal	

contraction	of	Cu	 results	 in	hydrostatic	 tensile	 residual	 stresses	within	 the	matrix.	At 
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~910 °C,	expansion	of	the	Fe-rich	particles	caused	by	the	solid-state	transformation	of	Fe		

introduces	 compressive	 residual	 stresses.	 Finally,	 cooling	 of	 the	 system	 results	 in	

contraction	of	both	α-Fe	and	ε-Cu	that	causes	a	decrease	in	the	magnitude	of	compressive	

stress	within	the	Cu-rich	phase.		

	 If	we	contrast	the	residual	stress	evolution	within	the	pure	Fe	to	that	of	Fe-50Cu,	

we	can	clearly	see	that,	upon	cooling,	residual	stresses	 in	pure	Fe	are	 likely	to	remain	

tensile.	However,	both	Cu-rich	and	Fe-rich	phases	within	Fe-50Cu	are	 likely	 to	exhibit	

compressive	 residual	 stresses.	 It	 is	 important	 to	 note	 that	 yield	 strength	 of	 Cu	 is	

significantly	lower	than	that	of	Fe	(69	MPa	[154]	versus	140	MPa	[155],	respectively),	

which	 explains	 our	 observations	 of	 high	 dislocation	 density	within	 the	 Cu-rich	 phase	

(Figure 2.24,	Figure 2.25).		

	 While	we	 can	 attribute	 the	 observed	 differences	 in	 residual	 stress	 state	 to	 the	

solid-state	phase	transformations	within	the	Fe	and	Fe-50Cu	samples,	it	is	important	to	

highlight	that	DED	is	a	non-equilibrium,	high	cooling	rate	processing	technique,	in	which	

phase	 transformations	 might	 deviate	 from	 those	 predicted	 by	 the	 equilibrium	 phase	

diagram.	 An	 in	 situ	 synchrotron	 diffraction	 study	 of	 Fe-50Cu	 DED	 could	 be	 used	 to	

acquire	real-time	information	on	the	phases	and	strains	present	within	the	material.			

2.6 Conclusions  

In this work, we investigated the relationship between alloy composition and 

residual stresses formed during DED processing in a Fe-Cu binary alloy. To this end, 

we studied DED-fabricated components of i) pure Fe, and ii) Fe-50Cu (wt.%) binary 

alloy. We measured the residual stresses within as-printed samples using the hole 

drilling approach. Through statistical analysis, we demonstrated that surface residual 

stresses were especially susceptible to alloy composition. TEM and EBSD 
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characterization of the Fe-50Cu parts revealed a high density of dislocations within 

the Cu-rich phase, suggesting that Cu-rich phase yielded to accommodate the residual 

stresses introduced during DED. This work demonstrates that phase transformations 

can be successfully engineered to produce a desired residual stress state in the as-

printed components.   
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CHAPTER 3 HIGH ENTROPY SILICIDES: CALPHAD-
BASED PREDICTION AND THIN FILM FABRICATION 

 
3.1 Introduction 

The field of high entropy materials design represents a departure from 

conventional materials design by enabling a vast and mostly unexplored 

compositional space. The high entropy design concept was first introduced in high 

entropy alloys (HEAs), alternatively called multi-principal element alloys or complex 

concentrated alloys [156,157]. HEAs are generally comprised of five or more principal 

elements in near equiatomic compositions. Some HEA systems achieve a single solid 

solution phase with a random distribution of the constituents on a crystalline lattice, 

which leads to interesting properties [158]. Conventional engineering alloy design is 

traditionally based on a single principal element, which confines the available 

compositional space to the corners of the phase diagram. In contrast, in HEAs the 

central regions of the phase diagrams are investigated, unlocking an immense and 

previously unexplored compositional space (Figure 3.1).  

 

Figure 3.1. Schematic ternary phase diagrams illustrating the differences between 
conventional alloys and high entropy alloys (HEAs). 
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The high entropy materials design concept has also been applied to other 

materials systems, including high entropy oxides [159], high entropy borides [160], 

and high entropy carbides [161], where the high configurational entropy stabilizes 

structures and compositions with unusual properties unattainable by the constituent 

materials [162]. Recently, a new class of high entropy materials – high entropy silicides 

(HES) – has been demonstrated [163,164]. Development of HES materials is 

particularly exciting due to their potential applications in microelectronics, where use 

of silicides is common. For example, silicides are used as insulation in metal-oxide-

semiconductor field-effect-transistors (MOSFETs) at the gate, source, and drain 

terminals [165]. In addition, silicides tend to possess a unique combination of metal-

like thermal and electrical conductivity with a ceramic-like elastic modulus and 

melting temperature (Figure 3.2, Table 3.1).  

 
Figure 3.2. Properties of metal silicides (data from [166]) 

 

To date, only two HES compositions – (MoNbTaTiW)Si2 [164] and 

(MoNbTaCrW)Si2 [163] – have been reported. Both materials were synthesized in bulk 

form via mechanical alloying followed by spark plasma sintering (SPS). It is important 

to note that neither (MoNbTaTiW)Si2 nor (MoNbTaCrW)Si2 were single phase, as 

oxides  [164] or intermetallics [163] were also present, either due to processing or due 
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to secondary phases being thermodynamically stable. Thus, it is essential to develop a 

deeper understanding of phase formation and evolution in our efforts to pursue single-

phase HES materials. Additionally, previous work on HES materials has only 

considered bulk samples, and an investigation into the viability of thin film HES 

materials is required to expand these materials into integrated circuit and device 

applications. 

The primary challenge in probing the extensive compositional space allowed by 

high entropy stabilization is effective screening and validation of candidate 

compositions. Computational thermodynamics techniques, such as the CALculation 

of PHAse Diagrams (CALPHAD) approach, can be used to predict the phase stability 

of a given composition and reveal promising candidate compositions. Advancements 

in the underlying thermodynamic databases used with the CALPHAD approach have 

made prediction of the phase formation in multiple HEA materials more reliable [167–

169], and have enabled us to extend the CALPHAD approach directly to the 

development of complex HES compositions with targeted phase stability. 

In this study, we employ the CALPHAD approach to identify two single-phase 

HES materials: the ternary (CrMoTa)Si2  and quinary (CrMoTaVNb)Si2. We then 

experimentally synthesize these silicide compositions in thin film form by electron 

beam evaporation of the metal constituents onto a Si substrate, followed by a heat 

treatment to induce a solid-state reaction. Finally, we use grazing incidence X-ray 

diffraction (GIXRD) depth profiling and scanning electron microscopy (SEM) to 

evaluate the phase composition and microstructure of the ternary (CrMoTa)Si2 and 

quinary (CrMoTaVNb)Si2 HES thin films. Both (CrMoTa)Si2 and (CrMoTaVNb)Si2 

exhibit a single-phase state with a C40 hexagonal crystal structure, which is consistent 

with our CALPHAD predictions. 
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Table 3.1. Binary metal silicides with hexagonal crystal structure.  

Material Crystal 
System 

Space 
Group 

Prototype Lattice 
Constants 
(Å) 

Melting Point 
(°C) 

Electrical 
Classification 

RT 
Resistivity 
(µΩ·cm) 

RT Thermal  
Conductivity  
(W/m·K) 

Applications 

CrSi2 Hexagonal P6222 CrSi2 a = 4.42758(7) 
c = 6.36805(11) 

1460-1490 Semiconductor  
(EBG = 0.35 eV) 

0.9 (bulk) 
120-900 (thin 
film) 

10.6 Thermoelectrics 

MoSi2 Tetragonal  
(α-MoSi2) 

I4/mmm MoSi2 a = 3.200 
c = 7.850 

2020±20 Semimetal 57-157 (thin 
film) 

66.2 Electrical contacts, 
electrical heating 
elements, high 
temperature structural 

Hexagonal  
(β-MoSi2, 
metastable) 

C622 CrSi2 a = 4.596 
c = 6.550 

 
Semiconductor  
(EBG = 0.07 eV) 

411 (thin film) 
  

TaSi2 Hexagonal P6222 CrSi2 a = 4.78351(7) 
c = 6.56980(16) 

2040-2300 Metal 
(superconductor, 
Tc = 0.353 K) 

20.2-40.1 
(single crystal) 
50-281 (thin 
film) 

21.9 Schottky barriers, ohmic 
contacts, interconnects 
in ICs 

VSi2 Hexagonal P6222 CrSi2 a = 4.57230(16) 
c = 6.3730(4) 

1677-1750 Metal 34.13-59.64 
(s.c.) 
60-85 (thin 
film) 

11.9 High temperature 
coatings, interconnects 
in ICs, gate contacts 

NbSi2 Hexagonal P6422 CrSi2 a = 4.797 
c = 6.592 

1930-1940 Metal 
(superconductor, 
Tc = 0.130 K) 

22.01-39.15 
(s.c.) 
50-200 (thin 
film) 

19.1 High temperature 
structural 
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3.2 Materials and methods 

The CALPHAD approach was employed to identify candidate silicide 

compositions that are predicted to form a single phase with a C40 hexagonal crystal 

structure. ThermoCalc Software equipped with the TCHEA3 HEA thermodynamic 

database was used for the CALPHAD calculations. The TCHEA3 database produced by 

ThermoCalc contains the necessary models for silicide structures and constituent 

elements to assess the phase stability in refractory metal silicide systems [170]. 

The HES thin films were fabricated via a two-step process (Figure 1). First, 

metal layers (Cr, Mo and Ta for (CrMoTa)Si2; Ta, V, Nb, Cr, and Mo for 

(CrMoTaVNb)Si2) were sequentially deposited onto a Si substrate (Figure 3.3, a). 

The thicknesses of the individual metal layers (Table S1) were selected to obtain the 

desired silicide composition after full reaction with Si. The as-deposited multilayer 

thin films were then heat treated to facilitate the interdiffusion of the metals and Si 

and solid-state transformation to a single-phase silicide material (Figure 3.3, b).  

 

Figure 3.3. Fabrication of thin film high entropy silicides. a) A schematic of the 
electron beam evaporation process used to fabricate the multilayer thin films. b) 
Following the deposition, multilayer thin films were heat treated at temperature THT 
in a vacuum furnace to facilitate a solid-state transformation to a single-phase 
silicide material. 

V, Nb, Cr, Ta and Mo pellets with >99.7% purity (Kurt J. Lesker Company, 

Jefferson Hills, PA, USA) were used for electron beam evaporation. Thin films were 

deposited in an electron beam evaporator (EvoVac Glovebox, Angstrom Engineering, 
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Kitchener, ON, Canada) with the pressure maintained at <2.9·10-7 Torr during the 

deposition. The evaporation parameters, including power and deposition rate for each 

layer, are summarized in Table 3.2. The deposition rates were measured with a quartz 

crystal monitor (QCM). Thin films were deposited onto undoped Si <100> wafers 

(University Wafer, South Boston, MA, USA). Heat treatment was performed using a 

vacuum furnace (M60, Centorr Vacuum Industries, Nashua, NH, USA) under a 

pressure of <1x10-5 Torr. During heat treatment, samples were placed inside a graphite 

crucible and heated to 800-900 °C for 30-60 min with a heating rate of 10 °C/min. 

The furnace was turned off at the end of the heat treatment and allowed to cool 

naturally. 

Table 3.2. Electron beam evaporation parameters. 

Material Layer 
No. 

Target 
layer 

thickness 
(nm) 

Crucible 
liner 

material  

Ratio QCM* 
deposition 

rate  
(Å/s) 

Power 
(%) 

(CrMoTa)Si2 

Cr 1 4.00 Graphite 1.15 0.50 1.7 

Mo 2 5.21 Graphite 1.23 0.26 23.0 

Ta 3 6.00 Graphite 1.50 0.51 19.8 

(CrMoTaVNb)Si2 

Ta 1 7.19 Graphite 1.50 0.15 20.0 

V 2 5.63 Tungsten 1.13 0.49 2.8 

Nb 3 7.19 Fabmate 1.42 0.30 25.3 

Cr 4 4.80 Graphite 1.15 0.50 2.2 

Mo 5 6.24 Graphite 1.23 0.60 10.0 
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GIXRD diffraction patterns were collected with a diffractometer equipped with 

a 2.2 kW Cu-Kα X-ray source with λ = 1.54187 Å (Smartlab, Rigaku, Tokyo, Japan). 

The diffractometer was configured in parallel beam geometry and ω-2θ mode, with the 

incidence angle ω set to 0.2°, 0.4°, 0.55°, 0.6°, 0.8° and 1.2° to facilitate depth 

profiling. The patterns were collected in the 2θ range of 20-50° with 0.05° step and at 

a scan speed of 0.65 °/s. PDF cards No. 00-004-0809, 00-006-0694, 00-004-0788, 

00-034-0370, 00-022-1058 were used to identify the (110) peak position for Mo, Cr, 

Ta, Nb and V, respectively. Lattice parameters for the (CrMoTa)Si2 and 

(CrMoTaVNb)Si2 thin film samples were determined by performing full-pattern 

Rietveld refinement using the GSAS-II software package [171]. Patterns collected at 

the incidence angle of 0.55° were used for the refinement.  

Secondary electron micrographs were obtained with a scanning electron 

microscope (SEM, Magellan 400, FEI, Hillsboro, OR, USA) equipped with a through-

the-lens (TLD) detector operated in immersion mode. Cross-sectional imaging was 

performed by fracturing the samples, and thin film thicknesses were measured from 

the fracture cross-section micrographs using ImageJ [39]. Average grain sizes were 

measured from the top-down SEM micrographs according to the Abrams three-circle 

procedure described in ASTM E112-13 [43]. Energy-dispersive X-ray spectroscopy 

(EDS) was performed with X-Max silicon drift detector (Oxford Instruments, 

Abingdon, UK) at an accelerating voltage of 5 kV and a beam current of 0.2 nA.  

3.3 Results and Discussion 

First, we pre-screened metals that form silicides with the target C40 (CrSi2-

type) hexagonal crystal structure. We found that Cr, Ta, V, Mo and Nb form MSi2 

silicides with C40 hexagonal crystal structure (Table 3.1) [166,172]. Then, we used 

the CALPHAD approach to identify candidate single-phase silicide compositions. 
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Equilibrium step diagrams, which show the relative amount of each stable phase 

calculated as a function of temperature, were used to assess a composition’s propensity 

to form a single-phase state. By comparing the equilibrium step diagrams for a variety 

of silicide compositions containing three or more refractory metal elements in 

equiatomic ratios, i.e., (M1, M2, M3, … , Mx)Si2, we identified two candidate single-

phase HES compositions: the ternary (CrMoTa)Si2 and quinary (CrMoTaVNb)Si2. 

Both the ternary (CrMoTa)Si2 (Figure 3.4, a) and the quinary (CrMoTaVNb)Si2 

(Figure 3.4, b) were predicted to exhibit a single phase with a C40 hexagonal crystal 

structure. Stability of the high entropy C40 phase predicted by CALPHAD is in 

agreement with previous studies on phase stability in MoSi2-based ternary silicides, 

where the presence of the C40 phase was shown to be ubiquitous [173].  

 
Figure 3.4. CALPHAD prediction of the two candidate high entropy silicides (HES). 
a) Calculated equilibrium step diagram of the ternary (CrMoTa)Si2 HES, showing 
the equilibrium phases over a range of temperatures (left). A schematic unit cell of 
ternary (CrMoTa)Si2 HES with a C40 hexagonal crystal structure, showing equal 
probability of site occupation by Cr, Mo and Ta atoms on the metal cation sublattice 
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as predicted by CALPHAD (right). b) Calculated equilibrium step diagram for the 
quinary (CrMoTaVNb)Si2 HES, showing the equilibrium phases over a range of 
temperatures (left). A schematic unit cell of the quinary (CrMoTaVNb)Si2 HES with 
a C40 hexagonal crystal structure, showing equal probability of site occupation by 
Cr, Mo, Ta, V and Nb atoms on the metal sublattice as predicted by CALPHAD (right). 

 

Representative equilibrium phase diagrams for silicides that are predicted to 

form multiple phases are shown in Figure 3.5. In both (CrMoW)Si2 and 

(TiMoTaVNb)Si2, one element has been substituted in comparison with (CrMoTa)Si2 

and (CrMoTaVNb)Si2, which resulted in predicted formation of C11b and C14 Laves 

phases, respectively.  

 

Figure 3.5. Calculated equilibrium step diagrams of (a) (CrMoW)Si2 and (b) 
(TiMoTaVNb)Si2 materials. Both materials exhibit secondary phase formation.   

 
Moreover, we demonstrated the (CrMoTa)Si2 and (CrMoTaVNb)Si2 

compositions are unique in their single C40 phase formation as compared to the 

previously reported HES materials. Figure 3.6 presents the equilibrium step 

diagrams for (MoNbTaTiW)Si2 [164], (MoNbTaWZr)Si2 [164] and (MoNbTaCrW)Si2 

[163], which were predicted to exhibit multiple phases at equilibrium, confirming 

previously reported observations of secondary phases. In (MoNbTaWZr)Si2, presence 

of Ta-, Nb- and Zr-rich intermetallics was demonstrated by XRD and EDS mapping 
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[164] and further confirmed by our CALPHAD predictions (Figure 3.6, c-e). Taken 

together, our CALPHAD predictions and previous studies suggest that Cr, Mo, Ta, V 

and Nb are unique in their ability to form a single phase with a C40 hexagonal crystal 

structure. However, additional single-phase high entropy silicides with other crystal 

structures (e.g., A15 cubic) might be possible. 

 

 

Figure 3.6. Calculated equilibrium step diagrams of recently reported high entropy 
silicide materials. Materials suggested by (a) Liu et al. [1], and (b-c) Gild et al. [2] 
exhibit secondary phase formation, as compared to the material suggested in this 
work. Composition of the phases present in (MoNbTaWZr)Si2 at d) 1000 °C and e) 
1500 °C. 
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To fabricate the ternary (CrMoTa)Si2 HES, we sequentially deposited layers of 

Cr, Mo, and Ta onto a Si substrate with an equiatomic ratio of each constituent metal. 

The total thickness of the as-deposited ternary multilayer thin film was ~25 nm, as 

determined from a cross-sectional SEM micrograph (Figure 3.7).  

 

Figure 3.7. A cross-sectional SEM micrograph of the as-deposited Cr, Mo, Ta 
multilayer thin film. 

 

To determine the appropriate heat treatment conditions for fully reacting the 

multilayer thin film, we evaluated several discrete temperature/time combinations 

between 800-900 °C and 30-60 min, and the corresponding GIXRD patterns collected 

from the heat-treated samples are shown in Figure 3.8. It was found that heat 

treating the multilayer structure at 900 °C for 30 min yielded a single-phase material 

with a C40 hexagonal crystal structure with no extraneous peaks, indicating a 

complete transformation of the multilayer structure to the single (CrMoTa)Si2 phase.  
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Figure 3.8. Heat treatment optimization on the ternary (CrMoTa)Si2 high entropy 
material. GIXRD patterns collected at ω = 0.5° indicate that heat treatment at 900 
°C for 30 min yields a single-phase high entropy silicide with a C40 hexagonal crystal 
structure. 

 

GIXRD patterns for the as-deposited ternary multilayer thin film exhibited a 

broad peak centered around ~37° (Figure 3.9, a), which was indexed to the (110) set 

of lattice planes of the body-centered cubic (BCC) structures of Cr, Mo and Ta. 

Formation of a single phase with a C40 hexagonal crystal structure in (CrMoTa)Si2 is 

not surprising given that the constituent silicides CrSi2 and MoSi2 both stabilize in the 

C40 hexagonal crystal structure [166], and the C40 β-MoSi2 phase is metastable 

relative to the tetragonal α-MoSi2 C11b phase [172]. Additionally, (MoTa)Si2 stabilizes 

a single C40 phase at ~0.45-1.0 mole fractions of TaSi2, and (CrMo)Si2 stabilizes a 

single C40 phase at ~0.65-1.0 mole fractions of CrSi2 [173]. The (CrMoTa)Si2 ternary 

has also been shown to form a single C40 phase at near-equiatomic compositions 

[173].  
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GIXRD depth profiling was then used to confirm the phase uniformity of the 

reacted ternary (CrMoTa)Si2 silicide thin film after heat treatment at 900 °C for 30 

min (Figure 3.9, b). All GIXRD patterns were indexed to the C40 hexagonal crystal 

structure, confirming that the solid-state reaction yielded a uniform single-phase state 

throughout the thickness of the thin film. A single extraneous peak observed in the ω 

= 0.2° pattern at ~33.6° can be potentially attributed to the surface oxidation of the Ta 

layer and formation of Ta2O5 [174], since the Ta layer was deposited last and, therefore, 

was exposed to air during sample manipulation. Observation of the single C40 phase 

in the (CrMoTa)Si2 HES thin film confirmed our CALPHAD predictions (Figure 3.4, 

a). 

A SEM micrograph of the fracture cross-section of the reacted ternary 

(CrMoTa)Si2 HES thin film is presented in Figure 3.9, c. Voids were observed to be 

distributed uniformly along the interface between the ternary (CrMoTa)Si2 HES thin 

film and the Si substrate. The void formation is attributed to the Kirkendall effect, 

which occurs due to the majority atoms (Si) being more mobile than the minority 

atoms (Cr, Mo and Ta) [175]. The reacted ternary (CrMoTa)Si2 HES thin film was ~42 

nm in thickness, which constituted a ~70% increase in thickness compared to the as-

deposited multilayer thin film. The growth of the thin film after heat treatment is 

indicative of Si incorporation into the metal film during the heat treatment. The 

thickness of the reacted thin film was in line with the ~37 nm thickness predicted from 

the theoretical density of 6.97 g/cm3. Theoretical density was calculated based on the 

lattice parameters obtained from full-pattern refinement (Table 3.3) for the C40 

hexagonal crystal structure with equal probability of site occupation by Cr, Mo and Ta 

atoms assuming ideal stoichiometry. The thin film exhibited a uniform microstructure 

(Figure 3.9, d), with an average grain size of 40 ± 3 nm. Additionally, no obvious 

cracks or pores were observed on the surface of the thin film. The Kirkendall voids 
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under the thin film appeared as dark regions in the top-down micrograph due to fewer 

emitted secondary electrons.  

 

 
Figure 3.9. Characterization of the as-deposited Cr, Mo and Ta multilayer thin film 
and the reacted ternary (CrMoTa)Si2 high entropy silicide (HES) thin film. a) 
Grazing incidence X-ray diffraction (GIXRD) patterns collected from the as-
deposited multilayer Cr, Mo and Ta thin film reveal a broad peak attributed to the 
(110) planes of the elemental BCC Cr, Mo and Ta (indicated with dashed lines). b) 
GIXRD patterns collected from the ternary (CrMoTa)Si2 HES thin film after heat 
treatment at 900 °C for 30 min reveal a single-phase material with a C40 hexagonal 
crystal structure with some surface oxidation. c) A SEM micrograph of a fracture 
cross-section of the ternary (CrMoTa)Si2 HES thin film on Si substrate. d) A top-
down SEM micrograph showing the nanocrystalline ternary (CrMoTa)Si2 HES thin 
film. 

 

We used the approach developed for the ternary (CrMoTa)Si2 HES thin film to 

fabricate a quinary (CrMoTaVNb)Si2 HES. To avoid the surface oxidation observed in 

the ternary (CrMoTa)Si2 thin film (Figure 3.9, b at ω = 0.2°), we revised the 

deposition order of the constituent metals. The five metals were deposited according 

to their room temperature Gibbs free energy of oxide formation (ΔGf): the Ta layer was 

deposited first (ΔGf = -1911 kJ/mol), followed by V (ΔGf = -1803 kJ/mol), Nb (ΔGf = -

1766 kJ/mol), Cr (ΔGf = -1053 kJ/mol), and, finally, Mo (ΔGf  = -668 kJ/mol) [176]. 

The metals were deposited in equiatomic ratios, and the thickness of the as-deposited 
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multilayer thin film, as determined from a SEM micrograph the of fracture cross-

section, was ~42 nm (Figure 3.10). GIXRD patterns obtained from the as-deposited 

multilayer thin film (Figure 4, a) exhibited a broad peak at ~38°, which was indexed 

to the (110) peaks of Ta, Nb and Mo. Another peak present at ~42° was attributed to 

the (110) lattice planes of elemental V. 

 

Figure 3.10. A cross-sectional SEM micrograph of the as-deposited Cr, Mo, Ta, V and 
Nb multilayer thin film. 

 
Following the procedure previously established for the ternary (CrMoTa)Si2 

thin film, the as-deposited Cr, Mo, Ta, V, Nb multilayer thin film was then heat treated 

at 900 °C for 30 minutes, and its phase composition was evaluated through GIXRD 

(Figure 3.11, b). The diffraction patterns exhibited peaks indexed to the C40 

hexagonal crystal structure throughout the entire thickness of the thin film, 

confirming the CALPHAD predictions of phase formation in (CrMoTaVNb)Si2. Similar 

to the ternary (CrMoTa)Si2, formation of a single phase with a C40 hexagonal crystal 

structure is expected in (CrMoTaVNb)Si2 due to the prevalence of the C40 crystal 

structure in the constituent silicides CrSi2, MoSi2, TaSi2, VSi2 and NbSi2 [173]. 
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Formation of a single phase with a C40 hexagonal crystal structure in the (CrMoTa)Si2 

ternary silicide discussed above also supports this finding. No secondary phases were 

evident from the diffraction patterns, indicating a complete reaction to the high 

entropy (CrMoTaVNb)Si2 single phase. In contrast to the ternary (CrMoTa)Si2 HES 

(Figure 3.9, b), no surface oxidation was observed in the (CrMoTaVNb)Si2 HES.  

A cross-sectional SEM micrograph of the reacted quinary (CrMoTaVNb)Si2 

HES thin film (Figure 3.11, c) revealed that the thin film grew to ~101 nm in 

thickness after heat treatment. The ~143% increase in thickness is attributed to the 

incorporation of Si atoms from the substrate during the reaction process. The 

thickness of the reacted thin film is ~21% larger than the ~80 nm thickness predicted 

from the theoretical density of 6.25 g/cm3. The deviation from the predicted thickness 

can be attributed to thin film porosity, as well as potential errors in thickness 

measurements of metal layers during electron beam evaporation. Kirkendall voids 

were observed at the interface between the thin film and the substrate, indicating a 

similar reaction process to the ternary (CrMoTa)Si2 sample. However, these voids 

were not observed from a top-down view due to the larger thin film thickness (Figure 

4d). The quinary (CrMoTaVNb)Si2 HES thin film exhibited a nonuniform grain size 

distribution, with grains ranging from ~145  nm to ~280 nm and an average grain size 

of 198 ± 13 nm. The increase in grain size compared to the ternary thin film can be 

attributed to abnormal grain growth associated with the more complex solid-state 

reaction process required to form the quinary sample.  
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Figure 3.11. Characterization of the as-deposited Cr, Mo, Ta, V, Nb multilayer thin 
film and the reacted quinary (CrMoTaVNb)Si2 high entropy silicide (HES) thin film. 
a) Grazing incidence X-ray diffraction (GIXRD) patterns collected from the as-
deposited multilayer thin film reveal peaks attributed to the (110) planes of the 
elemental Cr, Mo, Ta, V, Nb (indicated with dashed lines). b) GIXRD patterns 
collected from the reacted quinary (CrMoTaVNb)Si2 HES thin film after heat 
treatment at 900 °C for 30 min demonstrate a single-phase material with a C40 
hexagonal crystal structure. c) A cross-sectional SEM micrograph showing the 
reacted quinary (CrMoTaVNb)Si2 HES thin film on a Si substrate. e) A top-down 
SEM micrograph showing the reacted quinary (CrMoTaVNb)Si2 HES thin film. 

 

A homogenous elemental distribution was confirmed through EDS mapping 

(Figure 3.12) of the reacted quinary (CrMoTaVNb)Si2 thin film, which revealed no 

large-scale segregation nor secondary phases. It is important to note that nanoscale 

segregation cannot be determined with SEM-based spectroscopy, and TEM-based 

experiments are required to confirm that no nanoscale precipitates are present within 

the sample.  
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Figure 3.12. Energy-dispersive spectroscopy (EDS) mapping of the reacted quinary 
(CrMoTaVNb)Si2 high entropy silicide. a) A secondary electron image, b) EDS 
spectrum, c-h) elemental maps. 

 

Quantitative analysis using Rietveld refinement was performed on the 

diffraction patterns obtained from both HES materials at ω = 0.55°. A Rietveld plot for 

the (CrMoTaVNb)Si2 quinary HES is presented in Figure 3.13. Observed differences 

in intensity between the observed and calculated data can be potentially attributed to 

crystallographic texture present in the thin film. Overall, low fit residuals suggest that 

the pattern was refined well.  
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Figure 3.13. A Rietveld plot for the quinary (CrMoTaVNb)Si2. The blue symbols 
indicate the observed data, while the green line represents the calculated diffraction 
pattern. Residuals are shown in cyan trace. Calculated Bragg reflection positions are 
indicated by blue dashes.  

 

The measured lattice parameters a and c were compared to the lattice 

parameters calculated from Vegard’s law [177] (Table 3.3). The difference between 

the measured and the calculated lattice parameters is <0.35% for a and <1.5% for c. 

The close correspondence of the measured and calculated lattice parameters indicates 

that both the ternary and quinary HES materials fabricated in this work follow the 

ideal rule of mixing and have solid-solution structures. We interpret this agreement 

with Vegard’s law as a confirmation that all of the constituent metal elements have 

been incorporated on the cation sublattice of the C40 hexagonal solid-solution crystal 

structure.  
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Table 3.3. Lattice parameters of (CrMoTa)Si2 and (CrMoTaVNb)Si2 HES  
with a C40 hexagonal crystal structure. 

Material a (nm) c (nm) Axial ratio 
c/a 

Reference 

CrSi2  
(experimental) 

0.4428 0.6368 1.438 [166] 

β-MoSi2  
(experimental) 

0.4596 0.6550 1.425 [166] 

TaSi2  
(experimental) 

0.4784 0.6570 1.373 [166] 

VSi2  
(experimental) 

0.4572 0.6373 1.394 [166] 

NbSi2  
(experimental) 

0.4797 0.6592 1.374 [166] 

(CrMoTa)Si2 Rietveld  
(experimental) 

0.4618 0.6423 1.391 This work 

(CrMoTa)Si2 Vegard’s Law 
(calculated) 

0.4602 0.6496 1.411 This work 

(CrMoTaVNb)Si2 Rietveld 
(experimental) 

0.4644 0.6437 1.386 This work 

(CrMoTaVNb)Si2 Vegard’s 
Law (calculated) 

0.4635 0.6491 1.400 This work 

 
 
3.4 Conclusions  

  
In conclusion, we demonstrated the successful implementation of the 

CALPHAD approach to the design of compositionally complex high entropy silicide 

systems. We identified two single-phase HES materials: the ternary (CrMoTa)Si2 and 

quinary (CrMoTaVNb)Si2. The HES materials were fabricated via electron beam 

evaporation followed by a solid-state reaction facilitated by heat treatment in vacuum. 

As evidenced by GIXRD, both (CrMoTa)Si2 and (CrMoTaVNb)Si2 exhibited a single 

phase with a C40 hexagonal crystal structure, corroborating our CALPHAD 

predictions. Lattice parameters obtained from the experimental GIXRD patterns after 

full pattern refinement were in close alignment with lattice parameters calculated from 
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Vegard’s law, indicating incorporation of all constituent elements onto the metal 

sublattice of the C40 hexagonal phase. Our fabrication process is compatible with 

industry-standard deposition processes used in microelectronics, which opens the 

door for HES consideration in IC and device applications. In addition, our thin film 

fabrication process is compatible with high-throughput materials synthesis and 

characterization techniques, potentially enabling fast and facile screening of novel 

scientifically interesting HES materials. This work is the first report of a rationally 

selected, experimentally synthesized thin film single-phase high entropy silicide.  

3.5 Legacy experiments and future work 

In our previous work on HES, we demonstrated successful fabrication of HES 

thin films via electron beam evaporation followed by heat treatment in vacuum. In this 

approach, elemental metals were deposited in a layer-by-layer fashion onto a Si 

substrate (Figure 3.14, a). This approach has two main drawbacks: 1) as-deposited 

films are multilayer stacks, which makes complete intermixing of metals and diffusion 

of Si through the entire thickness of the film challenging; 2) since Si is the main 

diffusing species, Kirkendall voids are formed under the film (Figure 3.9 and 

Figure 3.11), which might promote film delamination from the substrate and 

complicate characterization of electrical and mechanical properties.  

To promote intermixing of the elements during fabrication of HES thin films, 

as well as to prevent formation of large-area Kirkendall voids, we investigated 

synthesizing HES materials using magnetron co-sputtering. In this approach, all five 

targets were operated concurrently, producing a pre-mixed thin film as shown in 

Figure 3.14, b. In addition, we investigated co-sputtering of Si together with Cr, Mo, 

Ta, V, and Nb as an approach to prevent void formation during the solid-state reaction.  
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Figure 3.14. A schematic illustration of two high entropy silicide film deposition 
strategies: a) layer-by-layer electron beam evaporation, b) deposition of a premixed 
film via magnetron sputtering.  

 

3.5.2 Materials and methods  

HES thin films were deposited using a large-distance magnetron sputtering 

system (Createc Fischer & Co. GmbH, Erligheim, Germany) equipped with eight 

magnetrons arranged in an octagonal geometry (Figure 3.15). Prior to deposition, 

the chamber was evacuated to a base pressure of ~1.5 x 10-8 mbar. After the base 

pressure was reached, sputtering was performed using a flux of 40 sccm of Ar. Ta and 

Nb targets were connected to RF power supplies, while Cr, Mo, V and Si targets were 

connected to DC power supplies. Polished Si wafers of 2” in diameter and (100) 

orientation were used as substrates (SurfaceNet GmbH, Rheine, Germany). Sputtering 

rate calibration of individual elements was performed prior to deposition of HES films.  
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Figure 3.15. Createc Fischer magnetron sputtering system. 
  

After deposition, the samples were heat treated in a vacuum tube furnace 

evacuated to a pressure of ~1.2 x 10-8 mbar at 900 °C for 3 hours. After heat treatment, 

the  heating was turned off and the samples were cooled to room temperature naturally 

inside the furnace.  

Phase state of the as-deposited and heat treated HES films was characterized 

using grazing incidence X-ray diffraction (GIXRD) with a D8 Discover diffractometer 

(Bruker, Billerica, MA, USA).  

Morphology of the films was investigated using a Magellan 400 XHR scanning 

electron microscope (FEI, Hillsboro, Oregon, USA) outfitted with a through-the-lens 

detector and operated in immersion mode. Cross-sectional imaging was performed 

using fracture cross-sections. Atomic force microscopy (AFM) was performed in 

contact mode using a Tosca system (Anton Paar, Graz, Austria).  

Sheet resistance Rs was measured using the RM3000 Test Unit (Jandel, 

Leighton Buzzard, United Kingdom) with a linear four-point probe (1 mm distance 
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between the electrodes) connected to a current source and a digital voltmeter. The 

resistivity and conductivity of the films was determined using the following 

relationships:  

! = #! ∙ % 

& = 1
! 

where ρ –electrical resistivity (Ω⋅m), t – film thickness (nm), σ – conductivity (S/m).  

3.5.3 Results and Discussion 

 In this work, we evaluated two samples: 1) a sample with Cr, Mo, Ta, V and Nb 

metals co-deposited onto a Si substrate in an equiatomic ratio, and 2) a sample with 

Cr, Mo, Ta, V, Nb and Si co-deposited onto a Si substrate to produce the 

(CrMoTaVNb)Si2 stoichiometry. The two samples will be further referred to as 

“(CrMoTaVNb)Si2 sample with diffused Si” and “(CrMoTaVNb)Si2 sample with 

deposited Si”, respectively.  

 First, we evaluated the phase composition of both samples using GIXRD. For 

the  (CrMoTaVNb)Si2 sample with diffused Si in the as-deposited state, sharp 

diffraction peaks indexed to the body-centered cubic (BCC) crystal structure were 

observed (Figure 3.16, left). The GIXRD patterns indicate that the as-deposited 

sample formed a single phase with a BCC structure. We can speculate that the as-

deposited sample formed a high entropy alloy (HEA) film. Upon heat treatment in 

vacuum at 900 °C for 3 hours, a solid-state phase transformation from the BCC to C40 

hexagonal structure was observed (Figure 3.16, right), which indicates a successful 

diffusion of Si into the HEA layer. However, additional peaks corresponding to a 

secondary phase were also observed. The presence of the secondary phase can be 
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attributed to insufficient heat treatment time or temperature, as previously observed 

in the electron-beam-deposited films (Figure 3.8).  

 
Figure 3.16. Grazing incidence X-ray diffraction patterns of the (CrMoTaVNb)Si2 
sample with diffused Si. As-deposited material (left) is crystalline and has a body-
centered cubic structure. After heat treatment at 900 °C for 3h, material forms the 
target hexagonal C40 crystal structure along with a secondary phase, indicating an 
incomplete solid-state transformation (right).  

 

We continued characterization by evaluating the (CrMoTaVNb)Si2 sample with 

deposited Si. GIXRD patterns of the as-deposited sample feature a broad peak 

centered at the 2( angle of ~40° (Figure 3.17, left). The broad peak suggests that the 

as-deposited material is amorphous. It is likely that high quenching speed of the 

sputtering process, combined with high crystallization temperature of Si (~ 720 °C) 

prevented crystallization of the film during deposition [178]. Heat treatment in 

vacuum at 900 °C induced the solid-state transformation of the material to the target 

C40 hexagonal crystal structure (Figure 3.17, right). No extraneous peaks are 

observed, suggesting either that no secondary phases are present or that secondary 

phases are present in the amount below the GIXRD detection limit.  



 95 

 

Figure 3.17. Grazing incidence diffraction (GIXRD) patterns of the (CrMoTaVNb)Si2 
sample with deposited Si. As-deposited material (left) exhibits broad peaks, 
potentially indicating its amorphous state. After heat treatment treatment at 900 °C 
for 3h, material forms the target C40 hexagonal crustal structure with no extraneous 
phases identified by GIXRD (right).  

 

Morphology and thickness of the (CrMoTaVNb)Si2 thin film with deposited Si 

was evaluated using top-down (Figure 3.18, a) and cross-sectional (Figure 3.18, b) 

SEM. No grain boundaries are apparent in the as-deposited film (Figure 3.18, a, 

left), confirming the XRD results and suggesting that the as-deposited film is 

amorphous. Upon heat treatment, nearly equiaxed grains of ~100 nm in size are 

formed (Figure 3.18, a, right). Cross-sectional SEM imaging revealed a three-fold 

growth of the film in thickness upon heat treatment, from ~53 nm to ~156 nm thick 

(Figure 3.18, b). The observed dramatic increase in film thickness potentially 

indicated incorporation of some Si atoms from the substrate, although no significant 

voiding at the interface between the film and the substrate was observed. AFM 

mapping of the heat-treated film (Figure 3.18, a, right) reveals a root mean square 

(RMS) roughness of ~7.4 nm or  ~4.7% of the total film thickness. 
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Figure 3.18. Scanning electron microscopy imaging of the high entropy silicide film 
with co-deposited Si. a) Top-down view of the as-deposited film reveals uniform 
microstructure with no apparent grain boundaries. Upon heat treatment at 900 °C 
for 3h, formation of a nearly equiaxed nanocrystalline structure is observed. Inset 
shows an atomic force microscopy micrograph of the heat treated sample. b) Cross-
sectional imaging of the as-deposited and heat treated films demonstrates thickness 
growth from ~53 nm to ~156 nm following heat treatment.  

 
 Next, we measured sheet resistance of the (CrMoTaVNb)Si2 thin film with 

deposited Si using the four-point-probe method [179]. In as-deposited state, sheet 

resistance was found to be ~52 Ω/□, and in the heat treated state - ~22 Ω/□ (Table 

3.4). Electrical resistivity and conductivity were calculated based on sheet resistance 

and film thickness. In the as-deposited state, the film has a resistivity of ~276 µΩ⋅cm, 

while the resistivity of the heat treated film is ~27% higher at ~350 µΩ⋅cm.  
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Table 3.4. Electrical properties of the (CrMoTaVNb)Si2 thin film with deposited Si. 

Sample  Film 
thickness 

(nm) 

Sheet 
resistance 

(Ω/□) 

Resistivity 
(µΩ⋅cm) 

Conductivity 
(S/m) 

As deposited 53 52 276 3.6 
Heat treated 156 22 350 2.9 

 
 

If we compare the electrical resistivity of the (CrMoTaVNb)Si2 thin film with 

resistivities of the constituent binary disilicides (Figure 3.19), we find that it falls 

within the range of resistivities reported in the literature [166,180–184]. The close 

correspondence of the electrical properties of the high entropy silicide to those of 

binary silicides suggests that random occupation of the metal sublattice sites does not 

significantly deteriorate electrical conductivity of the material.  

 

 
Figure 3.19. Resistivity of the (CrMoTaVNb)Si2 high entropy silicide (HES) as 
compared to resistivities of constituent binary disilicides. Data for CrSi2, MoSi2, 
TaSi2, VSi2 and NbSi2 obtained from references [166,180–184]. 
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3.5.4 Scope of future work  

 Our preliminary results suggest that we were able to fabricate a single-phase 

HES film using magnetron co-sputtering followed by heat treatment in vacuum. 

Furthermore, the heat treated film demonstrated resistivity of ~350 µΩ⋅cm, which 

falls within the range of resistivity of the constituent binary silicides.   

We will continue characterization of the quinary HES films deposited via 

magnetron co-sputtering by performing the following experiments:  

1) Chemical composition mapping using SEM EDS and STEM EDS; 

2) In situ TEM observation of amorphous-to-crystalline transformation of the as-

deposited film during heat treatment;  

3) Characterization of mechanical properties using nanoindentation.  
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CONCLUSIONS 
 

In this dissertation, research questions in two major areas were addressed. In 

chapters 1 and 2, key aspects of metal additive manufacturing, i.e., microstructural 

inhomogeneities within as-built components and residual stress, were discussed. 

Chapter 3 introduced a novel single-phase high entropy silicide material that lends 

itself to thin film processing.  

We started by investigating the influence of part geometry on the 

microstructure of additively manufactured stainless steel. We fabricated parts with 

varying feature sizes using laser powder bed fusion (LPBF). The microstructure of the 

parts and local plastic deformations within features of different thickness were 

characterized via electron backscatter diffraction. We found that feature thickness has 

a dramatic impact on the microstructure. However, the microstructure could be 

successfully manipulated by adjusting the LPBF process parameters. This study 

provides a foundation for future work on LPBF process optimization to improve the 

mechanical properties and corrosion resistance of the as-printed parts.  

We continued our work on additive manufacturing by investigating the 

feasibility of alloy engineering for residual stress manipulation. Inspired by the use of 

low temperature transformation wires in welding, we studied two metals: pure Fe and 

Fe-50Cu (wt.%) binary alloy. We determined that solid-state transformations 

undergone by the material during cooling have a dramatic effect on surface residual 

stresses in additively manufactured parts. We were able to induce beneficial 

compressive stresses on the surface of Fe-50Cu parts. Overall, this study proved that 

residual stress resistance can serve as a criterion in alloy design for additive 

manufacturing.  
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Finally, in chapter 3, we introduced a novel high entropy silicide (HES) 

material. In this work, we used computational modeling to select a composition that 

forms a single phase. We then successfully fabricated our HES material in thin film 

form via electron beam evaporation followed by heat treatment in vacuum. The 

fabricated material exhibited a single phase with the hexagonal C40 crystal structure, 

confirming our computational predictions. Additionally, we demonstrated fabrication 

of the HES material using magnetron co-sputtering. Electrical characterization of the 

HES material revealed good conductivity in line with the constituent binary disilicides.   
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