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4.12.1. INTRODUCTION
The quest for structural materials that can operate at higher and higher temperatures
remains a persistent challenge in materials science. To achieve major increases in service
temperatures, e.g., for aerospace propulsion systems, ceramic- and intermetallic-matrix
composites offer perhaps the best prospects, although their cost is often prohibitive for
many applications. For this reason, much recent work has focused on their monolithic
counterparts. Despite significant advances in the development of such monolithic
ceramics and intermetallics for structural use, their widespread adoption has been
severely limited by their generally low ductility and poor fracture toughness, particularly
at lower temperatures. In addition, it is now appreciated that these materials can be
susceptible to premature failure by cyclic fatigue.
Fatigue involves the microstructural damage and failure of materials under cyclically
varying loads. Structural materials, however, are rarely designed with compositions and
microstructures optimized for fatigue resistance. Metallic alloys are generally designed
for strength, intermetallics for ductility, and ceramics for toughness; yet, if any of these
materials see engineering service, their structural integrity is often limited by their
mechanical performance under cyclic loads. In fact, it is generally considered that over
80% of all service failures can be traced to mechanical fatigue, whether in association
with cyclic plasticity, sliding or physical contact (fretting and rolling contact fatigue),
environmental damage (corrosion fatigue), or elevated temperatures (creep fatigue).
Consequently, a large volume of literature has been amassed particularly over the past
twenty-five years, dealing with the mechanics and mechanisms of mechanical fatigue
failure [e.g., 1,2], although the vast majority of this research pertains solely to metallic
materials.
Despite this wealth of information on metal fatigue, there has been an increasing interest
in the use of high-strength, brittle materials, such as ceramics, intermetallics and their
respective composites, for structural applications where cyclic loading is critical
[e.g.,3,4]. This has been particularly centered on high temperature applications, e.g., for
fuselage and especially engine components [4], but in the case of ceramics at lower
temperatures too, e.g., for biomedical implant devices [5]. Examples of such “advanced
materials” are the use of silicon nitride ceramics for automobile turbocharger wheels and
engine valves and pyrolytic carbon for prosthetic cardiac devices, and the contemplated
use of composite ceramics in gas turbine engines. Similarly, intermetallic alloys, such as
the γ-based titanium aluminides, have been considered for applications such as valves in
automobile engines and low-pressure blades in gas turbines. Whereas these materials
offer vastly improved specific strength at high temperatures compared to conventional
metallic alloys, they suffer in general from a pronounced lack of damage tolerance in the
form of an extreme sensitivity to pre-existing flaws. Moreover, as noted above, it has
become apparent that similar to metals, such brittle solids can additionally show a
marked susceptibility to premature failure under cyclic fatigue loading [e.g.,6].
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The mechanisms involved in the propagation of fatigue cracks in brittle materials are
quite distinct from those commonly encountered in metal fatigue; moreover, their crackgrowth rate (da/dN) behavior displays a markedly higher sensitivity to the applied stress
intensity (K) than is observed in most metals (Fig. 1) [7-9]. However, by considering
crack growth as a mutual competition between intrinsic microstructural damage
mechanisms, which promote crack extension ahead of the tip, and extrinsic crack-tip
shielding mechanisms, which act primarily behind the tip to retard crack growth [8], a
specific commonality of behavior between the fatigue of ductile and brittle materials can
be found, differing only in the relative importance of the intrinsic and extrinsic
mechanisms.
4.12.2. INTRINSIC AND EXTRINSIC MECHANISMS
The extension of a crack can be considered to be a result of the mutual competition of
two classes of mechanisms (Fig. 2). Crack growth is promoted ahead of the crack tip by
intrinsic microstructural damage mechanisms, and impeded by extrinsic mechanisms
acting primarily behind the crack tip, which serve to “shield” the crack tip from the farfield driving force [8].
Intrinsic damage mechanisms in metallic materials typically involve processes which
create microcracks or voids, e.g., by dislocation pile-ups or interface decohesion, in the
highly stressed region ahead of the tip, leading to classical failure by cleavage,
intergranular cracking or microvoid coalescence; comparable mechanisms under cyclic
loads involve the repetitive blunting and resharpening of the crack tip [e.g.,10,11].
Extrinsic shielding mechanisms, conversely, result from the creation of inelastic zones
surrounding the crack wake or from physical contact between the crack surfaces via
wedging, bridging, sliding or combinations thereof (Fig. 3) [8]. Examples of “zone
shielding” are transformation and microcrack toughening in ceramics and rocks, where
the in situ dilatant phase transformations or the microcracking of precipitates/particles
ahead of the crack tip can lead to inelastic zones in the crack wake which impart closing
tractions on the crack surfaces. Examples of “contact shielding” are the bridging
tractions imposed across a crack by unbroken fibers, laminated layers or a particulate
phase in composite materials, or the wedging of corrosion debris or fracture surface
asperities during crack closure in metal fatigue.
Intrinsic mechanisms are an inherent property of the material, and thus are active
irrespective of the length of the crack or the geometry of the test specimen; under
monotonic loads, for example, they control the driving forces (e.g., the stress intensity) to
initiate cracking. Extrinsic mechanisms, conversely, act in the crack wake and are thus
critically dependent on crack size and (to a lesser extent) geometry; they are responsible
for the development of resistance-curve (R-curve) behavior and thus play a prominent
role in the driving forces required for continued growth of the crack. The implications of
this are that where extrinsic shielding mechanisms are active, rising R-curve toughness
behavior and “small-crack” effects are to be expected, both phenomena resulting from the
crack-growth properties being dependent upon crack size. Moreover, since extrinsic
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mechanisms can have no effect on crack initiation (since there is no crack wake), the
microstructural factors affecting (large) crack growth may be quite different from those
affecting crack initiation (or small crack growth).
In general, ductile materials are toughened intrinsically, e.g., through mobile dislocation
activity to induce a significant plastic-zone size, although under cyclic loading extrinsic
mechanisms play an important role in the form of crack closure. In contrast, brittle
materials, such as ceramics, are invariably toughened extrinsically [e.g., 12,13], via such
mechanisms as transformation toughening and crack bridging, the latter through
interlocking grains in many monolithic ceramics or by uncracked ligaments or unbroken
reinforcement phases in composites and laminates.
In terms of finding any commonality in mechanisms of fatigue-crack growth in different
materials, it is the specific nature and, more significantly, the relative importance of the
intrinsic (damage) versus extrinsic (shielding) mechanisms which distinguishes the cyclic
fatigue behavior of ductile and brittle solids. This in turn governs the specific
dependencies of the alternating and maximum stress intensities on crack-growth rates,
i.e., how da/dN depends upon ∆K and Kmax (and thus how the resulting lifetime is a
function of the alternating or maximum stresses), and the relationships between the
thresholds for fatigue-crack growth (∆KTH and Kmax,TH) and the crack-initiation (Ko) and
steady-state (Kc) fracture toughness values [9].
However, prior to describing the mechanics and mechanisms affecting cyclic crack
growth in brittle materials, we begin with a brief review of ductile materials.
4.12.3. FATIGUE-CRACK GROWTH IN METALLIC MATERIALS
4.12.3.1. General Considerations
Fatigue-crack growth can occur at stress intensity K levels generally far less than the
fracture toughness, Kc, in any metallic alloy when cyclic loading is applied (∆KTH/Kc ~
0.1 - 0.4). Stated simply, the accumulation of damage from the cyclic plastic
deformation in the plastic zone at the crack tip accounts for the intrinsic mechanism of
fatigue crack growth at K levels below Kc. The process of fatigue failure itself consists of
several processes involving initial cyclic damage (cyclic hardening or softening),
formation of an initial “fatal” flaw (crack initiation), macroscopic propagation of this
flaw (crack growth), and final catastrophic failure or instability.
The problem of fatigue failure was first seriously considered in the mid nineteenth
century when widespread failures of railcar axles in Europe prompted Wöhler in
Germany to conduct the first systematic investigations into material failure under cyclic
stresses circa 1860 [14]. However, the main impetus for research directed at the crack
propagation stage of fatigue failure, as opposed to mere lifetime calculations, did not
occur until the mid 1960s, when the concepts of linear elastic fracture mechanics and socalled “defect-tolerant design” were first applied to the problem of subcritical flaw
growth [15,16]. Such approaches recognize that all structures are flawed, and that cracks
5

may initiate early in service life and propagate subcritically. Lifetime is then assessed on
the basis of the time or number of loading cycles for the largest undetected crack to grow
to failure, as might be defined by an allowable strain, or limit load, or Kc criterion.
Implicit in such analyses is that subcritical crack growth can be characterized in terms of
some governing parameter (often thought of as a crack driving force) that describes local
conditions at the crack tip yet may be determined in terms of loading parameters, crack
size, and geometry. Linear elastic and nonlinear elastic fracture mechanics have, to date,
provided the most appropriate methodology for such analyses to be made.
The general aspects of fatigue-crack growth in metallic materials and its description
using fracture mechanics can be briefly summarized by the schematic diagram in Fig. 4
showing the variation in da/dN with the nominal stress-intensity range (∆K = Kmax - Kmin)
[17]. In actuality, the growth rates depend upon numerous factors other than ∆K,
although this is the primary variable in metal fatigue, viz.:
da/dN = f [∆K, Kmax (or R), ν, environment, wave form ….] ,

(1)

where the load ratio R is the ratio of minimum to maximum applied loads (= Kmin/Kmax for
positive R), and ν is the frequency. Specifically, results of fatigue-crack growth rate tests
for most ductile materials display the following characteristics: (i) a region at low values
of ∆K and da/dN (less than ~10-9 m/cycle) in which fatigue cracks appear dormant below
the fatigue thresholds, ∆KTH and Kmax,TH; (ii) an intermediate region (~10-9 to 10-6
m/cycle) of power-law behavior nominally described by the Paris equation [16]:
da/dN = C(∆K)m ,

(2)

where C and m (~ 2 to 4) are material scaling constants; and (iii) an upper region of
accelerating crack growth (above ~10-6 m/cycle) as Kmax approaches Kc or gross plastic
deformation of the specimen (the limit load). Similar approaches have been suggested
for crack growth under large-scale yielding [e.g., 18] where growth rates have been
related to a cyclic J-integral (∆J) or range of crack-tip opening displacement (∆CTOD).
4.12.3.2. Mechanistic Aspects
4.12.3.2.1 Intrinsic mechanisms
Ideally, fatigue failure in metals can be characterized by a transgranular ductile striation
mechanism, although in many materials they are difficult to identify due to nature of the
underlying microstructure or the occurrence of other cracking modes. Striations
represent local crack-growth increments per cycle and have been hypothesized to occur
via a mechanism of opening and blunting of the crack tip on loading, followed by
resharpening of the tip on unloading [19]. Several theoretical models for such growth
(often termed stage II crack propagation) have been proposed that rely on the fact that,
where plastic zones are sufficiently large compared to microstructural dimensions, plastic
blunting at the crack tip is accommodated by shear on two slip-systems roughly 45° to
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the crack plane [10,11]. Recognizing that such sliding-off is largely irreversible, new
crack surface can be created during cyclic crack advance either by simultaneous or
alternating slip on these two systems. This damage process is the primary intrinsic
mechanism promoting crack advance.
Simple models for striation formation [e.g., 20] predict that an upper-bound estimate for
the increment of crack advance per cycle should be proportional to the cyclic crack tip
opening displacement (∆CTOD):
da
∆K 2
,
∝ ∆CTOD ≈ β
dN
2σ 0 E ′

(3)

where σo and E′ are respectively the appropriate flow stress and Young’s modulus, and β
is a proportionality constant, of order 0.1-0.5, reflecting the efficiency of crack-tip
blunting and reversibility of slip. This approach provides a first-order description of
crack-growth rate behavior in the mid-range of growth rates (regime B in Fig. 4), as
shown for example by recent results on a bulk amorphous Zr-TiCu-Ni-Be metal where
crack advance occurs by a striation mechanism (Fig. 5) [21], although it is an insufficient
description at high growth rates and in the near-threshold regime.
At high growth rates as Kmax → Kc (regime C in Fig. 4), the simple Paris law (Eq. 2)
underestimates measured growth rates due to the occurrence of monotonic fracture
mechanisms (static modes) which replace, or are additional to, striation growth. Such
mechanisms include cleavage, intergranular cracking and microvoid coalescence and
their presence results in growth rates that are markedly sensitive to microstructure and
Kmax (or R) [22]. Conversely, at very low growth rates where ∆K → ∆KTH (regime A in
Fig. 4), the Paris law overestimates measured growth rates and behavior becomes
markedly sensitive to Kmax, microstructure and environment; the Kmax dependence in this
regime, however, results primarily from crack closure. At such near-threshold levels, the
scale of local plasticity (i.e., the plastic-zone size, ry) approaches microstructural sizescales, and measured growth rates become less than an interatomic spacing per cycle,
indicating that crack advance is not occurring uniformly over the entire crack front [e.g.,
17]. Crack-growth mechanisms in this regime (typically where ry is smaller than the
grain size) generally are faceted [e.g.,23], often being referred to as “microstructurally
sensitive” or “crystallographic” fatigue, and reflect more of a single shear mode of crack
advance with associated mode II plus mode I displacements, particularly in coarse
planar-slip materials.
4.12.3.2.2 Extrinsic mechanisms
Although the primary mechanism motivating fatigue-crack extension in ductile materials,
i.e., crack-tip blunting and resharpening, is intrinsic and controlled principally by ∆K (or
more precisely the local plastic strain range), extrinsic crack closure mechanisms act in
the crack wake to oppose this. Such wedge shielding [8] results from local deformation,
fracture and chemical processes which induce physical contact between the mating crack
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surfaces at positive loads during the fatigue cycle. Elber [24] originally proposed that
closure arises from the constraint of surrounding elastic material on the residual stretch in
material elements previously plastically strained at the tip (plasticity-induced closure).
Since the crack cannot propagate while it remains closed, the net effect is to reduce the
nominal (applied) ∆K value to some lower effective (local) value ∆Keff actually
experienced at the crack tip:
∆Keff = Kmax - Kcl ,

(Kmin ≤ Kcl)

= Kmax - Kmin ,

(Kcl ≤ Kmin)

(4)

where Kcl is the stress intensity to close the crack. There are, however, several
mechanisms of closure which assume greater importance at near-threshold levels, where
CTODs are small and approach the dimensions of the “wedge”. These processes rely on
wedging mechanisms inside the crack from corrosion debris, fracture surface asperities,
or, in the case of environmentally assisted fatigue, fluid inside the crack, as reviewed in
ref. [25].
Crack closure arising from crack-surface corrosion deposits (oxide-induced closure) is
promoted in oxidizing environments at low load ratios. Notable examples are the crack
surface oxides and calcareous deposits formed during corrosion fatigue in structural
steels tested, respectively, in water and sea water, and the chromic oxides formed during
creep fatigue in Ni-based superalloys. Simple quantitative modeling, based on the
concept of a rigid wedge inside a linear elastic crack, suggests that such closure depends
upon the thickness d of the oxide film and the location of its peak thickness from the
crack tip 2z [25]:
K cl ≈

E ′d
,
4 πz

(5)

implying that deposits in the immediate vicinity of the crack tip will have a dominating
influence in the development of closure by this mechanism. A more general source arises
from the wedging action of fracture surface asperities, where CTODs are small and
where significant crack-tip shear displacements occur. Such roughness-induced closure
is promoted at near-threshold levels, particularly where crack advance is strongly
crystallographic, as in coherent-particle-hardened (planar slip) systems such as
underaged Al alloys and Ni-based superalloys or in duplex microstructures where the
crack can be made to meander from frequent crack deflection. Notable examples of
where crack deflection and the resulting closure has led to excellent crack growth
properties are found with dual-phase steels, β-annealed Ti alloys and Al-Li alloys. The
magnitude of roughness-induced mechanism depends upon the degree of fracture surface
roughness and the extent of the mode II crack-tip displacements. From simple twodimensional geometric modeling, the closure stress intensity at the point of first asperity
contact is given as [25]:
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K cl ≈

2γu
K
,
1 + 2γu max

(6)

where γ is a measure of surface roughness, that is, ratio of height to width of the
asperities, and u is the ratio of mode II to mode I displacements.
Because crack closure mechanisms involve a wedging process which effectively raises
the minimum stress intensity, the potency of the shielding depends upon the magnitude of
the crack-tip opening displacement compared to the dimension of the wedge. Since
CTODs are much larger at R, the closure effect is markedly diminished at high load
ratios, i.e., it is controlled primarily by the value of Kmax, particularly at lower ∆K levels,
where closure results predominantly from oxide or asperity wedging. Thus, in the fatigue
of ductile materials, it is the ∆K-component of the driving force which controls the
intrinsic damage mechanisms ahead of the crack tip1, whereas the Kmax-component
controls the extrinsic shielding mechanisms behind the tip.
4.12.4. FATIGUE-CRACK GROWTH IN CERAMIC MATERIALS
4.12.4.1

General Considerations

Extrinsic mechanisms are far more important in the toughening of materials with little or
no ductility. Indeed, intrinsic toughening mechanisms, to promote crack-tip plasticity,
for example, have been largely unsuccessful in brittle solids such as glasses and
ceramics. Instead, ceramic materials have been toughened using a variety of crack-tip
shielding mechanisms (Fig. 6) [e.g.,12,13]. Their effect is to impede crack extension via
mechanical, microstructural and environmental factors that locally reduce the near-tip
stress intensity, i.e., to promote R-curve toughening.
For example, although the intrinsic toughness of zirconia is only ∼2 MPa√m, by inducing
an in situ phase transformation at the crack tip (transformation toughening) or by causing
the in situ microcracking of particles (microcrack toughening), both processes causing a
dilation around the crack tip which is constrained by surrounding elastic material, the
measured Kc can be raised extrinsically to between 8 and 15 MPa√m [e.g.,12]. Similarly,
by inducing crack branching and meandering, due to crack deflection at particles or
interfaces, three-fold increases in toughness can be obtained. Composites can be also
toughened by crack-tip shielding mechanisms; a potent form is through crack bridging
where cracks are bridged by intact brittle fibers or whiskers, or are made to intersect a
ductile phase that undergoes plastic deformation as the crack passes [e.g.,12,13].
By designing microstructures that develop such shielding processes, monolithic and
composite ceramics can now be processed with toughnesses up to an order of magnitude
higher than was available 20 or so years ago. It is perhaps ironic, however, that whereas
1

The exception to this is behavior at high stress intensities as Kmax approaches Kc or the limit-load instability (Regime C in Fig. 4),
where additional static fracture mechanisms (e.g., cleavage, microvoid coalescence) occur; these mechanisms are primarily Kmax
controlled [22].
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glasses and untoughened ceramics are essentially immune to cyclic fatigue [26],2 the
generation of a nonlinear stress-strain curve with toughened ceramics results in their
susceptibility to premature fatigue failure under cyclic loading.
The characteristics of cyclic fatigue in ceramics appear to be quite different to that of
metal fatigue:
1. Unlike in ductile materials and with the exception of phase-transforming ceramics
such as PSZ [29], fatigue cracks in ceramics do not appear to initiate naturally; crack
initiation is invariably associated with some pre-existing defect.
2. Again unlike metal fatigue where there is a characteristic fracture mode for cyclic
loading, i.e., striation growth, which is quite distinct from that for monotonic loading,
the morphology of fatigue fracture surfaces in ceramics is almost identical to that
under monotonic loads, although more debris is often present on the fatigue fractures.
Indeed, the crack path and crack-advance mechanism appear to be identical under
static and cyclic loading [30] (Fig. 7).
3. Microstructure can have a significant effect on fatigue-crack growth rates in ceramics
[7,30], as for example shown by the variation in da/dN with ∆K for a series of
partially-stabilized zirconias (Mg-PSZ) with increasing R-curve toughness, resulting
from a larger extent of transformation toughening [7]. However, by plotting these
results in terms of the effective near-tip stress intensity, which in this case is
equivalent to normalizing the data in terms of the fracture toughness, i.e., by
characterizing the growth rates with Kmax/Kc, the microstructural effects are
essentially removed (Fig. 8). This implies that unlike metals, the microstructural
influences on fracture by fatigue are similar to those for overload fracture.
4. The sensitivity of growth rates to the stress intensity is extremely high; specifically,
the exponent m in the simple Paris equation (Eq. 2) can take values as high as ~15 to
50 and above [7], as shown by the growth-rate curves for alumina, PSZ and pyrolytic
carbon in Fig. 1. The very high exponents, however, result from a particularly marked
sensitivity of growth rates to Kmax, rather than ∆K per se. This can be appreciated by
expressing the growth-rate relationship in terms of both Kmax and ∆K, viz [31,32]:
da / dN = C ′ ( K max ) n ( ∆K ) p ,

(7)

where, compared to Eq. 2, C′ is a constant equal to C(1 - R)n and (n + p) = m. In a
typical brittle ceramic, e.g., SiC-whisker reinforced Al2O3, the exponents n and p are
∼10 and 5 [31], respectively; this is to be compared with values of n = 0.5 and p = 3
for metal fatigue of a nickel-base superalloy [32].
4.12.4.2 Mechanistic Aspects
2

Whereas mechanical fatigue is generally non-existent in amorphous glasses and untoughened ceramics, recent studies have identified
fatigue effects in borosilicate glass at near-threshold growth rates [27] and premature fatigue failures in micron-scale silicon thin films
[28], both phenomena which have been attributed to environmental processes such as the entrapment of reacting water molecules and
the environmentally-assisted cracking of the native oxide layer.
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Mechanistically, it is clear that fatigue-crack advance in ceramics is conceptually
different from that in metals. Again we can involve the intrinsic vs. extrinsic concept to
explain this distinction. Essentially, there are two possible classes of fatigue mechanisms
(where failure is associated with a dominant crack): (i) intrinsic mechanisms where, as
in metals, crack advance results from damage processes in the crack-tip region, which are
unique to cyclic loading, and (ii) extrinsic mechanisms, where the crack-advance
mechanism ahead of the crack tip is identical to that for monotonic loading, but the
unloading cycle promotes accelerated crack growth by degrading the degree of crack-tip
shielding behind the tip.
Whereas the cyclic processes in metal fatigue are predominantly intrinsic in nature, the
cyclic fatigue processes in ceramics are extrinsic. The mechanism by which the crack
advances is thus identical under cyclic loading as it would be in a single overload cycle;
this clearly is consistent with the marked dependency of growth rates on Kmax (rather than
on ∆K) and a similarity in fracture surface appearance under cyclic and monotonic
loading. The cyclic loading conversely acts to diminish the shielding (i.e., the R-curve
toughening) in the crack wake. This can take various forms depending upon the
prevailing shielding mechanism; examples include the premature fatigue failure of
metallic reinforcement phase in ductile-phase toughened materials [34,35], a reduction in
the effect of fiber bridging in fiber-reinforced ceramic-matrix composites [36], and a
decreased bridging capacity of a wake zone of interlocking grains in grain-bridging
ceramics, such as coarse-grained Al2O3, grain-elongated Si3N4, and in situ toughened SiC
[37-41].
As an example of this phenomenon, the latter mechanism of a fatigue-induced reduction
in grain bridging in monolithic ceramics is considered (Fig. 9). As the decay in bridging
is associated with the relative motion of the grains as the crack proceeds intergranularly,
this can be modeled in terms of cycle-dependent sliding wear degradation of frictional
grain bridges [38].
Specifically, where thermal expansion anisotropy results after processing in certain
grains experiencing residual compression, cracks will extend preferentially in the tensile
regions surrounding the grain, leaving it intact and spanning the crack. The resulting
closing traction on the crack surfaces, the grain bridging stress, p, can be expressed as a
function of the distance behind the crack tip, X, and the crack-opening displacement, 2u,
in terms of the length of the bridging zone, L, and an exponent, k, as [12,42-45]:
p( X ) = P max (1 − X / L) k ,
p( u) = P max (1 − X ( u) / L) k .

(8)

The function p(X) describes the bridging stress distribution as a function of distance
behind the crack tip, X, starting from a maximum value of Pmax at the crack tip (X = 0),
and falling to zero at the end of the bridging zone (X = L), where 2u = 2uf, the critical
crack-opening for bridge rupture. The maximum bridging stress is related to the residual
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stresses and is equivalent to the product of the residual clamping stress acting on a grain,
σN, due to thermal expansion anisotropies and the coefficient of friction, µ, i.e., Pmax =
µσN. The shape of the decrease is determined by the exponent k; a uniformly distributed
stress over the bridging zone would imply k = 0 whereas k = 1 corresponds to frictional
pullout where the cross-sectional geometry of the bridging grains does not change during
crack opening [45].
The bridging stress p(u) rises rapidly with u during debonding of the grain, followed by a
gradual decrease where frictional pullout of the grain occurs (Fig. 9); both processes
contribute to the toughness, although in general most energy is dissipated during
frictional pullout. Under cyclic loads, the repetitive opening and closing of the crack
results in a decrease in the toughening capacity of the bridging zone by reducing the
grain bridging stress, i.e., accumulated damage at the grain/matrix interface ahead of the
tip and reduced frictional sliding resistance of partially debonded grain/matrix interfaces
from frictional wear causes premature grain debonding and a reduced frictional pullout
stress.
A quantitative verification of this extrinsic mechanism for fatigue-crack growth in
ceramics can be derived by measuring the crack-opening profiles of cracks grown at high
velocity near the Kc instability (to simulate behavior on the R-curve) and at low velocity
near the fatigue threshold (to simulate the cyclically-loaded crack) [41]. The net crackopening profile, u(X), for a linear-elastic crack under an applied far-field stress intensity,
KA, with a bridging traction distribution, p(X), of length L acting across the crack faces
can be expressed, in terms of the elastic modulus E′ (= E in plane stress or E/(1-ν2) in
plane strain; ν is Poisson’s ratio), as [46]:
K  8X 
u( X ) = A 

E′  π 

12

2
+
πE ′

∫

L

p( X ′) ln

0

X′ +
X′ −

X
dX ′ ,
X

(9)

where X′ is the integrated variable where the stress p acts. The first term in Eq. 9 reflects
the traction free crack under tensile loading in small-scale yielding [47].
In situ measurements on a loading stage in the scanning electron microscopy on a
toughened silicon carbide (ABC-SiC) of the opening profile for a crack approximating Rcurve behavior (grown at KA = 6.22 MPa√m (~92% Kc)) are plotted in Fig. 10a as
function of distance X behind the crack tip [41]. Also shown are the best-fit profile
determined from Eq. 9 (dashed line) and the calculated opening profile for a traction-free
crack (solid line). Using fitting procedures on these data, the best-fit p(X) and u(X)
functions can be estimated (Fig. 10b) and used to calculate the p(u) function (Eq. 8), from
which the R-curve can be predicted [41]. The bridging contribution for a crack that has
propagated an amount ∆a, KB(∆a), can be estimated from p(X) via [42]:
 2
KB ( ∆a ) =  
 π

12

∫

∆a

0

p( X )
dX
X

12

(10)

By varying ∆a from ∆a = 0 to ∆a = L, and knowing long-crack initiation toughness
(K0 ~ 5.5 MPa√m for ABC-SiC [40]), the resistance curve, KR(∆a), can be determined
from:
KR ( ∆a ) = K0 + KB ( ∆a ) .

(11)

Using this analysis, the R-curve for ABC-SiC can be predicted, and has been found to be
in reasonable agreement to that measured experimentally on compact-tension specimens
[41].
The corresponding opening profile (at KA = 6.22 MPa√m) for a crack grown after
extensive fatigue cycling at a near-threshold growth rate of ~1 × 10-10 m/cycle is
compared in Fig. 10a with the profiles for the traction-free (solid line) and R-curve
cracks. It is apparent that the near-threshold crack is significantly more open than the Rcurve crack, particularly in the near crack-tip region where most of the steady-state
toughness is developed (i.e., within ~ 600 µm of the tip); indeed, the profile is essentially
identical to that for the traction-free crack. This is consistent with a reduction in the
magnitude of bridging tractions for a bridging zone that has experienced ~108 loading
cycles. Best-fit p(X) functions from the fatigue and R-curve cracks are compared in Fig.
10b, and show how continued cyclic loading acts to degrade the bridging tractions [41].
By estimating the magnitude of bridging tractions at several applied K levels using this
crack profile method, the cyclic crack growth-rate data can be simulated based on the
notion that the crack-advance mechanism does not change and that the influence of the
cyclic loads is solely to progressively degrade crack bridging, i.e., the local crack-tip
stress intensity remains at KO. Using this approach, the predicted variation in da/dN with
∆K for the ABC-SiC has been found to be in reasonably close agreement with
experimentally measured data at R = 0.1 [41]. Such direct quantitative evidence of a
cycle-induced degradation in shielding imply that the essential physics of the cycliccrack growth process involves the cycle-dependent degradation of the active bridging
zone.
4.12.4.3 Elevated Temperature Behavior
There are far fewer studies on fatigue-crack growth in ceramics at elevated temperatures
[30,48-56]. This is associated in part with experimental difficulties encountered at
temperatures above ~1000°C. More importantly, however, mechanistic interpretation is
considerably more complex due to the appearance of creep damage mechanisms (e.g.,
grain-boundary cavitation) [57], thermally activated crack growth, and additional cracktip shielding mechanisms such as viscous phase bridging [58-61]. Studies [55] on a near
commercial silicon nitride (NT 164) reveal a small acceleration in growth rates at 800°C
(where creep damage is negligible). Presumably this is due to a reduction in grain
bridging caused by relaxation of the residual stresses (associated with thermal expansion
anisotropy). Between 900° and 1200°C, relaxation of the bridging forces continues and
so crack-growth rates are seen to increase. The acceleration is further enhanced above
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1000°C with the onset of creep cavitation damage in the grain-boundary (mainly glassy)
phase. Above 1200°C, the softening of the grain-boundary phase leads to an additional
shielding mechanism, viscous-phase bridging, which acts to impede crack growth and to
increase the tendency for crack arrest via crack-tip blunting. Moreover, the viscoelastic
nature of the bridging response results in a marked dependence of crack-growth rates on
loading frequency.
4.12.4.3.1 Viscous-phase bridging
As the principal shielding mechanism at elevated temperatures is such bridging, several
models for viscous-phase shielding have been developed in order to predict the
anticipated frequency dependence on growth rates [58-61]. Specifically, a
microstructurally-based self-consistent numerical model, which is more fully described in
ref. [61], examines in detail the mechanics of the extrinsic viscous-film bridging process
(Fig. 11), with specific emphasis on its role in influencing elevated-temperature cyclic
fatigue-crack propagation. The model incorporates microstructural parameters such as
grain size, viscosity and thickness of the grain-boundary film, as well as external
variables such as loading frequency, cyclic load amplitude, and load ratio. Unlike
previous high-temperature viscous bridging models which have presumed a parabolic
crack-opening profile [58,59], a fully self-consistent numerical approach is adopted (no
limiting assumptions are made as to the shape of the profile). Moreover, the model is not
based on a viscous fluid film filling the crack (viscous-ligament bridging) [60]. Rather,
bridging loads are transmitted across the crack walls due to shear resistance of a grainboundary film deforming between the matrix and the active bridging grain, allowing for
the incorporation of more microstructural detail [61]. Furthermore, instead of seeking a
global representation of the effect of the bridging tractions (e.g., KB(t)) from a prescribed
displacement distribution, the approach is to consider a displacement distribution selfconsistent with the corresponding traction distribution.
The displacements due only to an arbitrary, smooth traction distribution in the wake of a
crack, ub(x), are given by:
a a

u b ( x) = ∫ ∫ G (α , x)G (α , x ′) p ( x ′)dα dx ′

(12)

0 x

where G is the appropriate Green’s function. For the self-consistent solution, where p(x)
is a function of u(x), the following relation must be satisfied:
u(x) = u∞(x) + ub(x),

(13)

where ub(x) is the contribution to the displacement from the bridging tractions, and u∞(x)
is the traction-free displacement distribution along the flank of the crack. The grainboundary phase displacements are divided into elastic- and viscous-based components.
The relation between these components is determined by using the equality of the elastic
and viscous shear stresses in the grain-boundary phase. Although any appropriate
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traction-free, geometry specific, form may be used, the traction-free distribution for a
semi-infinite body in plane strain is utilized [47]:
u ∞ ( x) =

Ka
E′

8x
.
π

(14)

Because the displacements due to the bridging tractions depend on the total crack flank
opening, a local solution along the flank of the crack is necessary in order to provide a
self-consistent solution for any non-trivial problem. The methodology used in this model
provides this local solution by discretizing the crack flank and forming a pointwise
solution. Where the solution between points is needed, a quadratic interpolation of the
solution using the adjacent solution points is used. Furthermore, for all solutions the
velocity, u& (x) , was approximated linearly in time.
The overall solutions allow for a complete description of the crack-opening
displacements, u(x), bridging stress distributions, p(x), crack bridging terms, KB(t), and
crack-tip loading conditions, Ktip(t), throughout the loading history. Results from the
self-consistent solutions [61] are presented in Fig. 12 by showing changes in the
normalized crack-tip loading (Kmax/Km, Kmin/Km) at steady state versus changes in the
model parameters. Crack-tip shielding from bridging is seen to increase with (a) grainaspect ratio, d/h, (b) viscosity, η, and (c) test frequency, f, for a fixed set of other
parameters. Clearly, viscous-film bridging is a potentially effective shielding mechanism
that can markedly reduce the stress intensity actually experienced at the crack tip during
cyclic fatigue at elevated temperatures (Fig. 12).
A closed-form solution to a simplified version of the bridging model is possible when a
parabolic, Ktip-controlled displacement distribution is assumed. This solution yields an
appropriate non-dimensional group for characterizing the results of the self-consistent
calculations given by:
Γ=

16 Af ηdl b f
.
δhE

(15)

where Af is the area fraction of bridging ligaments, lb is the bridging-zone length, E is
Young's modulus, and δ is the grain-boundary width. A comparison of the trends
predicted using self-consistent and parabolic solutions is presented in Fig. 13 by plotting
the normalized crack-tip cyclic loading versus the non-dimensional group, Γ, which is a
function of the primary model parameters. This allows a judgment to be made as to the
appropriateness of Γ as a characterizing parameter. It is evident that the parameter, Γ,
normalizes the results over the entire range of the parameters studied here and acts as an
appropriate non-dimensional grouping. Indeed, an order of magnitude trade-off exists
between the various parameters of the model. For example, an increase in the viscosity
by a factor of ten would have exactly the same effect as a decrease in the frequency by a
factor of ten.
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Similar to the parabolic approximation, for the self-consistent solution the normalized
cyclic loading rapidly changes over the range 1 < Γ < 100 from full to very low
transmission of the applied loading to the crack tip. At low Γ, the self-consistent and
parabolic solutions converge as expected, with the latter solution being quite robust
between 0.1 < ∆Ktip/∆Ka < 0.9. At high Γ, where the bridging tractions are largest, the
two solutions diverge with the parabolic solution over-predicting the dampening effect of
the bridging zone.
Due to the sensitivity of the solutions to Γ, changes in test frequency and temperature
(through the viscosity) would appear to be the most likely of the model variables
affecting the crack-tip loading conditions in testing or service. Indeed, recent results [62]
on elevated-temperature cyclic fatigue-crack propagation in gas-pressure sintered EC-14
silicon nitride display a marked effect of frequency (2-20 Hz) at both 1200° and 1300°C
(Fig. 14). While considerations relating to applied loading frequency can be anticipated
directly from the solutions presented here, it is not possible to be fully quantitative at this
stage since the frequency also has a marked influence on the degree of intrinsic creep
damage. Incorporating both intrinsic and extrinsic components into a crack-growth
relationship for fatigue cracks in ceramics at elevated temperatures must await further
modeling studies.
4.12.4.3.2 Crack-growth behavior
Fatigue-crack propagation in ceramics at high homologous temperatures invariably
involves significant contributions from creep mechanisms, such as softening of the
amorphous grain-boundary films and cavitation damage there. Indeed, there is often a
major compromise in the design of ceramic microstructures, as optimum low-temperature
toughness is generally achieved with the grain-boundary glassy films to promote
intergranular cracking and hence grain bridging, whereas optimum high-temperature
properties are generally achieved in the absence of such films, as they are preferred sites
for creep damage. Examples of the former case are many silicon nitride ceramics and
ABC-SiC, as discussed above in section 4.12.4.2, whereas commercial SiC (Hexaloy SA)
is an excellent example of the latter, having very poor room-temperature toughness but
exceptional high-temperature properties.
One ceramic where simultaneous enhancements in low-temperature toughness and hightemperature strength, fatigue and creep resistance have been achieved is ABC-SiC [63].
Essential to the success of simultaneously retaining these properties in this material is the
creation of a grain-boundary film that crystallizes at high temperatures and retains a
stable structure and composition (Fig. 15). As described below, the crystalline boundary
films in ABC-SiC, which form in situ or can be produced by prior high-temperature
annealing, are less prone to softening and are far more resistant to cavitation; moreover,
they do not appear to degrade the subsequent low-temperature strength or toughness [64].
Fig. 16 illustrates the variation in fatigue-crack growth rates with the applied ∆K (at a
load ratio of 0.1) for ABC-SiC for temperatures between ambient and 1300°C at a range
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of loading frequencies from 3 to 1000 Hz [30,63]. Akin to behavior at lower
temperatures, crack-growth rates above 850°C display a marked sensitivity to the stress
intensity regardless the loading frequency; in terms of Eq. 2, the Paris power-law
exponents vary between m ~ 35 (at higher temperatures) and 68 (at lower temperatures).
Although changing the frequency had little effect on crack-growth behavior, growth rates
were accelerated with increasing temperature. ∆Kth thresholds are decreased from just
over 5 MPa√m at 25°C to between 3.3 and 3.4 MPa√m at 1200°C, with no further decline
at 1300°C. Mechanistically, the lack of a frequency effect in ABC-SiC at ambient
temperatures is expected as crack advance occurs (as described above) via predominantly
intergranular cracking ahead of the tip, balanced by shielding by grain bridging in the
wake, both essentially rate-insensitive processes. However, the absence of a frequency
effect at elevated temperatures is much more surprising, particularly since comparable
materials, such as Si3N4, Al2O3 and silicide-matrix ceramics, show a marked sensitivity
to frequency at temperatures above ~1000°C (see, for example, Fig. 14) due to the onset
of creep damage [49,50,52,62]. As described below, fatigue fracture mechanisms at
850° to 1300°C in ABC-SiC are effectively identical to those at room temperature, which
is consistent with the absence of significant creep phenomena in this microstructure
below 1300°C.
It should be noted here that both the toughness and fatigue resistance of ABC-SiC are
superior to commercial SiC (Hexoloy) at both room and elevated temperatures (Fig. 16).
Results at 1300°C indicate that Hexoloy fails as it does as 25°C, i.e., catastrophically,
with no cycle-dependent cracking, at very low stress intensities (some 40 - 50% lower
than in ABC-SiC) [30,63]. Such extremely brittle behavior is attributed to the absence of
toughening from crack bridging behind the crack tip, resulting from its fully
transgranular mode of fracture.
A comparison of the crack-growth velocities in ABC-SiC under cyclic and static
(sustained) loading is shown in Fig. 17 [63]. It can be seen that at both 25° and 1300°C,
growth rates under cyclic loads were significantly faster than under sustained loading
(static fatigue) at equivalent stress-intensity levels. Such behavior has been observed
previously in Mg-PSZ, Al2O3 and Si3N4 [e.g.,7], and is consistent with the fact that at low
temperatures, crack-advance (damage) mechanisms are identical under both types of
loading; specifically, it is the cyclic-loading induced degradation in wake shielding that
accelerates growth rates under cyclic loads. In contrast, the sustained-load mechanisms
at elevated temperatures are generally far more damaging in such ceramics as Al2O3 and
Si3N4 [e.g.,48-52] because of the onset of creep damage; however, such behavior was
not seen in ABC-SiC at elevated temperatures up to 1300°C.
Fracture surfaces and crack profiles in ABC-SiC at 1300°C were for all practical
purposes identical to those at ambient temperatures under both static and cyclic loads,
i.e., predominantly intergranular fracture (Fig. 18a,b), with extensive interlocking grain
bridging behind the crack tip (Fig. 18c,d). Also noticeable on the cyclic fatigue surfaces
was the presence of debris, formed by wear and abrasion of the bridging crack faces
during cycling. Clearly, the mechanisms of fatigue-crack growth in ABC-SiC, i.e.,
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intergranular cracking coupled with degradation of the resulting bridging zone, are
essentially identical at temperatures between 25° and 1300°C. Indeed, high-resolution
transmission electron microscopy (HRTEM) studies of regions in the immediate vicinity
of the crack tip provide direct confirmation of these observations; crack extension at
1300°C is predominantly along the boundaries under both sustained and cyclic loading
with no indication of cavitation damage ahead of the tip or viscous-phase bridging in the
wake (Fig. 18c,d). HRTEM observations also revealed that the grain-boundary films had
fully crystallized (Fig. 15) in situ during the high-temperature fatigue tests, starting after
only one hour at 1000°C. The amorphous films were found to be composed of Al-Si-OC; on crystallization, however, they displayed a 2H-wurtzite structure with an
aluminosilicate composition, i.e., a solid solution between Al2OC and SiC.
The absence of creep damage and/or viscous softening of the grain-boundary phase at
1300°C in ABC-SiC is quite contrary to behavior reported for Si3N4 [50] and Al2O3 [49]
at these temperatures, where cavitation along grain boundaries, microcracking zones, and
viscous-phase bridging are commonly observed. The unique high-temperature
characteristics of ABC-SiC appear to be a result of the in situ crystallization of grainboundary glassy phase.
Even though the primary mechanisms of damage (intergranular cracking) and shielding
(grain bridging) are apparently unchanged between 25° and 1300°C in ABC-SiC, there is
a small change in the fatigue-crack growth resistance in that fatigue thresholds ∆Kth are
approximately 30% lower at the higher temperature. This may be rationalized by
considering the nature of grain bridging [42,45] and its degradation under cyclic loading
due to frictional wear [38,39]. The pullout resistance from frictional tractions generated
via sliding contact of opposing crack faces is proportional to the normal stress acting on
the interface, which in turn is a function of the residual stress resulting from thermal
expansion anisotropy during cooling from the processing temperature [45]. As the
residual stresses will “anneal out” with increasing temperature, the normal stress will
decrease. However, once crystallization of grain-boundary phase occurs above ~1100°C,
the frictional coefficient may be expected to be higher. Thus, the minimal change in
cyclic fatigue properties between 25° and 1300°C can be related to (i) the lack of any
apparent change in mechanisms, (ii) the fact that the decrease in residual stress with
temperature is compensated by an increase in the frictional coefficient, and (iii) the
absence of significant creep damage, the latter two effects being associated with the in
situ crystallization of the grain-boundary phase. Such a result is consistent with previous
studies in other ceramics that show a beneficial effect of crystallization on oxidation and
mechanical properties at elevated temperatures [65-67].

4.12.5. FATIGUE-CRACK GROWTH IN INTERMETALLIC MATERIALS
4.12.5.1. General Considerations
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Like ceramics, intermetallics generally display only very restricted mobile dislocation
activity at low homologous temperatures (below their brittle-to-ductile transition
temperature, DBTT) due to their complex, and invariably ordered, crystal structures;
consequently, they invariably have only limited ductility and toughness. To toughen
intermetallics, both intrinsic and extrinsic toughening approaches have been attempted,
and to varying degrees have been successful [e.g., 68-70]. For example, the intermetallic
compound Nb3Al can be toughened through the addition of a ductile phase such as Nb,
with the intermetallic matrix cracking preferentially to the metallic reinforcement [7173]. In fact, using a high-aspect ratio reinforcement, e.g., a Nb layer in an arrester
laminate, the crack-initiation toughness may be enhanced intrinsically by the necessity of
the crack in the intermetallic matrix renucleating across the metal phase. With subsequent
crack extension, the uncracked Nb ligaments left in the crack wake can induce additional
crack-growth (or R-curve) toughness, in this case extrinsically from the crack bridging
created by the zone of intact ductile ligaments behind the crack tip.
In many respects, the mechanical behavior of intermetallics can be considered to be
intermediate between metals and ceramics, ranging from compounds with some ductility,
such as α2-Ti3Al, that display “metal-like” characteristics, to the very brittle Nb3Al and
MoSi2 that are “ceramic-like” (below the DBTT). Specifically, with respect to fatiguecrack propagation, intrinsic damage mechanisms associated with crack advance do
appear to operate in the more ductile intermetallics as in metals (although they have not
been studied in detail); in contrast, the mechanism by which the crack extends in the
cyclic fatigue of brittle intermetallics, such as Ni3Al and MoSi2, is identical to that
occurring under monotonic loads, as in ceramics [e.g.,74,75]. Moreover, whereas the
intrinsic toughening mechanisms, such as crack renucleation, do not degrade under cyclic
loading, the extrinsic toughening mechanisms, such as crack bridging, can suffer severe
degradation. A notable example is ductile-phase reinforced intermetallic composites,
which due to extensive crack bridging by the uncracked ductile phase can display
significantly higher toughness (i.e., by a factor of three or greater) than the constituent
matrix [e.g., 34,71]. However, the improvement in crack-growth resistance is far less
obvious in fatigue simply because the ductile phase fails prematurely; indeed, the fatiguecrack growth properties are rarely much better than that of the unreinforced matrix
[34,35]. Thus, similar to ceramic materials, cyclic loading can act to reduce the potency
of extrinsic toughening mechanisms in impeding crack advance.
4.12.5.2. Mechanistic Aspects
The fatigue of intermetallics has been studied far less extensively than that of metals
[e.g., 76]; indeed, few microstructures or compositions have ever been optimized for
maxiumum fatigue strength. The approaches that are available are to develop intrinsic
toughening that will not degrade, which to date has not been too successful, or to devise
extrinsic mechanisms that are more resilient to alternating loads. Below the latter
approach is briefly explored, again in the context of fatigue-crack growth being a
compromise between intrinsic and extrinsic processes, by examining the behavior of
several intermetallic systems.

19

A good example of this behavior is shown by γ-TiAl alloys reinforced with small
fractions of ductile Nb or TiNb, where toughening derives from tractions induced by
unbroken ductile ligaments bridging the crack wake (Fig. 19) [34,35]. For small-scale
bridging, the toughness increases with crack extension up to a maximum steady-state
level, Kc, associated with the development of a steady-state bridging zone, and can be
estimated from the flow stress σo, volume fraction f, and size t of the reinforcement [77]:
K c = K o2 + E ′ f tσ o χ ,

(16)

where Ko is the critical crack-tip stress intensity at crack initiation, E′ is the appropriate
elastic modulus of the composite, and χ is a dimensionless function representing the
work of rupture. For γ-TiAl reinforced with Nb or Nb-alloys, χ varies between 0.9 and
1.5; much larger values of χ (<4) can be obtained using strain-hardening reinforcements
that debond readily from the matrix [78]. For nominal values of χ = 1.2, σ0 = 400 MPa
and t = 100 µm, the addition of a mere 20 vol.% of ductile particles yields Kc
∼44 MPa√m, over five times the toughness of unreinforced TiAl [35].
Under cyclic
loads, however, such bridging from unbroken ductile ligaments is compromised by the
susceptibility of the ductile phase to premature fatigue failure. Accordingly, despite the
factor of 3-5 increase in toughness, the fatigue-crack growth properties of the composite
are comparable (and in specific orientations worse) than that of the unreinforced matrix
[34,35]. However, Nb reinforcements, which undergo extensive interface debonding
(due to σ-phase in the reaction layer), can delay this failure process; Nb thus provides
improved fatigue resistance over reinforcements such as TiNb that is more strongly
bonded to the matrix (due to an α2-Ti3Al reaction layer) (Fig. 19) [35].
To achieve good fatigue-crack propagation resistance in intermetallics, it is therefore
necessary to develop toughening mechanisms that are more resilient to cyclic loading.
For example, for ductile-phase toughened systems, several strategies are available and
involve the use of:
1. high aspect-ratio reinforcements; this merely increases the probability of interception
by the crack. For example, MoSi2 reinforced with spherical Nb particles displays
insignificant toughening and no improvement in fatigue resistance as the crack
merely circumvents the ductile phase [74]; in contrast, with Nb wire-mesh [79] or
laminate [80] reinforcements, a three-fold increases in toughness (due to extensive
crack bridging) and good fatigue-crack growth resistance (due to crack closure) can
be obtained.
2. reinforcements with weakened interfaces with the matrix; the resulting delamination
at the interface acts to delay the inevitable failure of the ductile ligament, as shown by
the improved fatigue properties of Nb/γ-TiAl compared to TiNb/γ-TiAl (Fig. 19) [35].
3. reinforcements with good intrinsic fatigue resistance; whereas β-TiNb is a useful
reinforcement phase for toughening γ-TiAl because of its high strength (σo ~ 430
MPa), its fatigue properties are poor due to its near zero strain hardening which
induces rapid shear localization. A better approach is to use monolithic γ-TiAl alloys
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with lamellar microstructures, where (R-curve) toughening results from uncracked
(shear) ligament bridging [81]; here, since the bridge material is the same as the
matrix, there is a lower tendency for the bridges to fail preferentially in fatigue (Fig.
20) [82].
4. reinforcements that promote other extrinsic toughening mechanisms; since bridging
mechanisms invariably fail under fatigue loading, good fatigue-crack growth
resistance can be achieved if alternative shielding mechanisms develop. For example,
with Nb-wire mesh reinforced MoSi2, the Nb bridging ligaments which provide for
R-curve toughening do fail prematurely in fatigue; however, as the crack follows the
weakened interfacial reaction layer of the Nb phase, highly tortuous crack paths result
which give rise to high levels of roughness-induced crack closure [79].
5. reinforcements that promote intrinsic toughening; whereas extrinsic shielding
mechanisms tend to degrade in fatigue, intrinsic toughening mechanisms do not.
Accordingly, the use of laminate reinforcements in the arrester orientation, which
require the crack to renucleate across the ductile layer, both increase the crackinitiation toughness and remain equally potent under cyclic loading. Such behavior is
shown by coarser-scale Nb/Nb3Al laminated composites [73,83] and the newly
developed boron-modified molybdenum silicide alloys [84,85] described below in
section 4.12.5.2.1.
4.12.5.2.1. Intrinsic and extrinsic mechanisms
One excellent example of the use of both intrinsic and extrinsic toughening mechanisms
acting in concert to promote some degree of resistance to fatigue-crack growth in
intermetallics materials [84,85] is afforded by the recently developed boron-modified
molybdenum silicide alloys [86]. Whereas MoSi2-based silicides have good oxidation
resistance up to 1700°C and relatively easy processibility, they are plagued, like many
ordered intermetallics, by poor ductility and fracture toughness properties; in addition,
they are susceptible to severe low temperature oxidation (“pesting”) problems [87]. The
use of higher molybdenum contents and the addition of boron, however, has led to the
development of an alternative series of refractory silicide alloys, which are considerably
tougher and display a much improved low-temperature “pest” resistance due to the
formation of a low viscosity, passivating borosilicate glass. [86]. Many of these alloys
consist either of an intermetallic matrix of Mo3Si, and Mo5SiB2 (T2) phases with α-Mo
precipitates (Fig. 21) or, at higher Mo contents, of a metallic α-Mo matrix with Mo3Si,
and Mo5SiB2 precipitates. They are significantly tougher than MoSi2 largely due to the
presence of the α-Mo phase [84,85].
The fracture toughness and fatigue-crack growth properties between 25° and 1300°C for
one such series of alloys, of composition (in at.%) Mo 12-17Si 8.5B, are shown,
respectively, in Figs. 22 and 23 [84,85]. Both the toughness and fatigue resistance can be
seen to be substantially higher than that of monolithic MoSi2 at ambient and elevated
temperatures. Specifically, the ingot-metallurgy (I/M) alloys with the coarsest particles,
highest volume fraction, and most near-continuous distribution of the α-Mo phase, show
by far the best properties. In particular, the I/M Mo-12Si-8.5B alloy (IM1) displays a
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relatively high intrinsic toughness at 800° up to 1200°C (~10 MPa√m) due primarily to a
crack trapping toughening mechanism by α-Mo phase, with only limited extrinsic Rcurve toughness. Although the lack of extrinsic toughening is not necessarily beneficial,
it does imply in a brittle material that it should show a reduced susceptibility to fatigue
failure, as is observed at temperatures up to 1300°C. Of particular significance though is
that both the fracture toughness and the fatigue threshold are increased with increasing
temperature [84]. This remarkable property is associated with the onset of additional
toughening mechanisms that become active at high temperatures, specifically involving
crack bridging by the α-Mo phase and microcracking primarily in the Mo5SiB2 phase
(Fig. 26). Whereas the extrinsic crack bridging mechanism does degrade under cyclic
loading due to the premature fatigue failure of the Mo particles, both the crack trapping
and microcracking mechanisms appear to be equally effective under sustained and cyclic
loads. Indeed, the higher Mo versions of these alloys show exceptional promise as
engine materials for future propulsion systems that operate with metal temperatures well
above 1000°C [84,85].
4.12.6. FATIGUE OF DUCTILE VERSUS BRITTLE MATERIALS
Compared to metallic materials where there is an extensive database and degree of
understanding of fatigue failure [e.g., 1,2,88,89], ceramics and intermetallic systems still
require much study with respect to developing a comprehensive understanding of their
behavior under cyclic loads. In such materials, it is now clear that cyclic loading induces
a progressive degradation in the toughening (or shielding) mechanisms behind the crack
tip that locally elevates the near-tip driving force. It is this cyclic suppression of
shielding that is considered to be the principal source for the susceptibility of brittle
materials to cyclic fatigue failure. By contrast, the propagation of fatigue cracks in
metallic materials involves primarily intrinsic damage processes occurring ahead of the
crack tip, i.e., involving crack advance by progressive blunting and resharpening of the
crack tip, clearly a mechanism distinct from fracture under monotonic loads.
Additionally, shielding, in the form of crack closure (wedging) mechanisms, can act in
the crack wake.
Since the physical mechanisms of crack advance and crack-tip shielding are quite
different in metals and ceramics, the dependencies on the alternating and mean loads,
specifically ∆K and Kmax, the alternating and maximum stress intensities, respectively,
are also quite different. A schematic illustration highlighting these differences is shown
in Fig. 27 [9]. Clearly, in metals the dominant dependence of ∆K is a consequence of the
intrinsic crack-advance mechanism; the smaller Kmax dependence results primarily from
its effect of the crack-opening displacement, which in turn controls the degree of crack
wedging due to crack closure in the wake. Thus, for ductile metals, n « p in Eq. 7. In
ceramics, conversely, growth rates are principally a function of Kmax, since the crackadvance mechanism is identical to that under static loading; the much weaker ∆K
dependence here arises from the cyclic-induced degradation in shielding in the wake.
Thus, for ceramics, p « n. In intermetallics, fatigue properties are intermediate between
these two extremes, such that generally p ~ n. However, in brittle intermetallics such as
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MoSi2, where there is no intrinsic cycle-dependent crack advance mechanism, p > n,
whereas in more ductile materials, such as the (γ+α2) TiAl alloys, intrinsic fatigue
damage mechanisms, similar to those in metals, clearly exist, and p < n.
Such differing dependencies on ∆K and Kmax also have a marked influence on how the
load ratio affects growth rates. In metals where the ∆K term is dominant, characterizing
growth rates in terms of ∆K invariably normalizes the load-ratio dependence (at least in
the intermediate range of growth rates from ~10-9 to 10-6 m/cycle) [e.g., 89]. In ceramics,
conversely, this normalization is achieved by characterizing growth rates as a function of
Kmax as this is the dominant term [40], whereas in intermetallics, the load ratio
dependence cannot be normalized by either ∆K or Kmax [79,82,83].
Although both intermetallics and ceramics are susceptible to fatigue-crack growth from
degradation of shielding under cyclic loads, there are significant differences. At ambient
temperatures, there is no intrinsic fatigue damage mechanism in ceramics - the crack tip
advances by an identical mechanism under monotonic and cyclic loads; at a given stress
intensity, fatigue cracks simply grow faster due to the cyclic suppression in shielding
behind the crack tip. Accordingly, the value of maximum stress intensity at the fatigue
threshold, Kmax,TH, is comparable with the crack-initiation toughness, Ko, at the start of
the R-curve (Kmax,TH ∼ Ko). In many intermetallics, conversely, fatigue-crack growth is
seen at stress-intensity levels below the crack-initiation toughness, specifically Kmax,TH ∼
0.25-0.4 Ko, implying there are additional intrinsic microstructural damage mechanisms
associated with fatigue failure; however, this effect is more restricted than in metals,
where generally Kmax,TH ≤ 0.1 Ko, due to the limited crack-tip plasticity and consequently
lower toughness of intermetallic alloys.
4.12.7. FATIGUE DESIGN AND LIFE PREDICTION
The use of standard damage-tolerant design and life-prediction methods for structural
components fabricated from ceramics and intermetallics is complicated by the marked
sensitivity of their fatigue-crack growth rates to the applied stress intensity both at
elevated and especially ambient temperatures. For safety-critical applications involving
most metallic structures, such procedures generally rely on the integration of data relating
crack-growth rates (da/dN or da/dt) to the applied stress intensity (∆K or Kmax) in order to
estimate the time or number of cycles, Nf, to grow the largest undetectable initial flaw, ai,
to critical size ac, viz:
Nf =

[

2
a o( 2−m ) / 2 − ac( 2− m ) / 2
m
m/2
(m − 2) C (Q ∆σ) π

]

(17)

where ∆σ is the applied stress range, Q is the geometric factor; C and m (≠ 2) are the
scaling constant and exponent in the crack-growth relationship in Eq. 2. For advanced
materials such as intermetallics and ceramics, this approach may be difficult to
implement in practice due to the large values of the exponent m; since the projected life is
proportional to the reciprocal of the applied stress raised to the power of m, a factor of
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two change in applied stress can lead to projections of the life of a ceramic component
(where m can be as high as 20 or more) to vary by more than six orders of magnitude.
Essentially, because of the high exponents, the life spent in crack propagation in
advanced materials will be extremely limited or infinitely large, depending upon whether
the initial stress intensity is above or below the fatigue threshold.
Accordingly, a more appropriate approach may be to design on the basis of a threshold
below which fatigue failure cannot occur; this may involve a conventional fatigue-crack
initiation threshold or fatigue limit determined from stress-life (S/N) data or, more
conservatively, the ∆KTH or Kmax,TH thresholds for no crack growth. However, even these
approaches may not be conservative due to uncertainties in the definition of such
thresholds. This is particularly important in many advanced materials as their growthrate curves are not sigmoidal and correspondingly show little evidence of a threshold.
Moreover, as with metallic materials [e.g., 90,91], there is now increasing evidence for
small-crack effects in both ceramics [29,32] and intermetallics [92], where cracks of a
size comparable with the scale of microstructure, the extent of local inelasticity ahead of
the crack tip, or with the extent of shielding in the wake of the tip, can propagate at
applied stress intensities below the “long-crack” ∆KTH or Kmax,TH thresholds. Clearly for
flaw-sensitive materials such as ceramics and intermetallics to be safely used in fatiguecritical applications, the critical levels of damage necessary for the onset of fatigue
failure must be defined; whether this involves an S/N fatigue limit, large- or small-crack
thresholds, or probabilistic analyses is as yet still unclear.
4.12.8 SUMMARY AND CONCLUSIONS
Over the past few decades, there have been major advances in the design and
development of brittle solids as structural materials, despite their still limited use for most
structural applications. This has primarily been achieved by developing ceramics and
intermetallics with significantly improved fracture resistance, principally through the use
of the extrinsic shielding approach to toughening. This has included the design of
microstructures which develop zones of inelasticity, microcracking or most
predominantly bridging (by grains, particulate, fibers or layers) that surround the crack.
However, it is now evident that cyclic fatigue loading can severely degrade such
toughening; in fact, this provides the critical mechanism promoting fatigue-crack growth,
even in materials such as ceramics that display no intrinsic mechanism of cyclic crack
advance.
Although the mechanisms of cyclic fatigue in brittle materials are conceptually different
from the well known mechanisms of metal fatigue, the central thesis of this chapter is
that by considering the relative importance of the prevailing intrinsic damage and
extrinsic shielding mechanisms, a commonality of behavior can be found for the cyclic
fatigue of both ductile and brittle materials. However, as noted above, the respective
contributions of each mechanism does result in marked differences in the ∆K and Kmax
dependence of growth rates, the load ratio effect and the relationship of the fatigue
threshold to the toughness properties; these are summarized in Table I.
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Table I.
Differences in the Fatigue-Crack Growth Properties of Ductile and Brittle Materials
da/dN ∝ (Kmax)n(∆K)p
Metals
Intermetallics
Ceramics

relationship of Kmax,TH to Ko*

p >> n

Kmax,TH ≤ 0.1 Ko

p~n

Kmax,TH ∼ 0.25-0.4 Ko

p << n

Kmax,TH ~ Ko

* Kmax,TH and Ko are, respectively, the fatigue threshold and the crack-initiation toughness on the R-curve.

Finally, the marked sensitivity of growth rates to the applied stress intensity in ceramics
and intermetallics implies that projected lifetimes will be a very strong function of stress
and crack size; this makes design and life prediction using damage-tolerant
methodologies more complex. Accordingly, design approaches based on the definition of
a critical level of damage for the onset of fatigue cracking must be contemplated,
involving either an S-N fatigue limit or crack-propagation threshold, provided due
attention is given to the fact that these approaches may not be conservative due to the
sub-threshold extension of small cracks.
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ceramic-matrix composites. Note that all mechanisms are extrinsic in nature
and promote inelastic deformation which results in a nonlinear stress/strain
relationship.
Figure 7: Fractography of ceramic fatigue in an in situ toughened silicon carbide (ABCSiC) at ambient temperatures showing the fractography and crack trajectories
under (a,b) cyclic and (c,d) static loading. Note the nominally identical
intergranular fracture surfaces in (a) fatigue and c) on the R-curve, and
associated crack-tip shielding by grain bridging (b,d) in the crack wake. Due
to repetitive opening and closing of the crack, such bridging leads to the
creation of more debris and surface damage on the fatigue surfaces in fatigue
[30]. Horizontal arrow represents direction of crack growth.
Figure 8: Fatigue-crack growth rates, da/dN, for a range of transformation-toughened
partially-stabilized zirconias (Mg-PSZ), as a function of (a) the applied stressintensity range, ∆K, and (b) the effective, near-tip stress intensity, ∆Ktip,
which is equivalent to the maximum stress intensity normalized by the
fracture toughness, Kmax/Kc [7].
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Figure 9: Crack-tip shielding from bridging by interlocking grains (inset) showing (b)
the variation in bridging tractions p(X) due to debonding and frictional
pullout, and the corresponding crack-opening profile, as a function of the
crack opening displacement (2u) [42]. Under cyclic loading, the bridging is
observed to decay, i.e., p(u) is progressively decreased.
Figure 10. Measured crack-opening profiles in an ABC-SiC ceramic for (a) where the
crack was grown near instability (on the R-curve), and where the crack was
grown by fatigue near threshold (at ~1 x 10-10 m/cycle at ∼75% Kc). In (b),
the best-fit bridging traction distributions are plotted for each case [41].
Figure 11: Model for crack-tip shielding at higher temperatures from viscous grainboundary film bridging, showing the development of the viscous force
resulting from the velocity gradient in the film [61].
Figure 12: Self-consistent solution results showing predicted variations in the maximum,
Kmax, and minimum, Kmin, crack-tip stress intensity, normalized to the
∞

maximum applied stress intensity, Kmax , versus changes in the model
parameters, namely (a) grain aspect ratio, d/h, (b) viscosity, η, and (c)
∞
frequency, f. The normalized crack-tip stress intensity range, ∆K K max
, is
shown as the difference between the two curves [61].
Figure 13: Self-consistent solution results showing variations the crack-tip stressintensity range, ∆K, normalized by the applied stress-intensity range, ∆Ka,
versus the non-dimensional parameter Γ. Changes in the individual
parameters of the model are shown by symbols while the parabolic solution is
denoted by the solid line. Note that the self-consistent solution, which
diverges from the parabolic at high Γ, is well-represented over the entire
range by Γ [61].
Figure 14: Effect of cyclic frequency (2-20 Hz) on cyclic fatigue-crack growth rates, as a
function of Kmax, in gas-pressure sintered silicon nitride (EC-14) at 1200° and
1300°C, as compared to 20 Hz data at room temperature [62].
Figure 15. High-resolution transmission electron micrographs of the grain boundaries in
ABC-SiC in the (a) as-processed, and (b) thermally exposed (1300°C for ~ 72
hr) conditions. Note the complete crystallization of the amorphous phase after
exposure compared to the glass film of ~ 1 nm under as-processed condition
[30].
Figure 16. Cyclic fatigue-crack growth rates, da/dN, in ABC-SiC as a function of the
applied stress-intensity range ∆K for the tests conducted at temperatures
between 25 and 1300°C, load ratio R = 0.1, and frequencies between 3 and

2

1000 Hz. For comparison, the crack growth behavior of commercial SiC
(Hexoloy) is also illustrated [30,63].
Figure 17. Crack extension, ∆a, plotted as function of time, t, in ABC-SiC demonstrating
the effect of sustained loading vs. cyclic loading conditions, at a fixed
maximum stress intensity (KI = Kmax). Plotted is behavior at 25°C, where KI =
Kmax = 5.9 MPa√m, and at 1300°C, where KI = Kmax = 4.1 MPa√m [30,63].
Figure 18. Comparison of crack growth under sustained (static) and cyclic fatigue
loading ABC-SiC at elevated temperatures (1300°C), showing scanning
electron micrographs of the fracture surfaces under (a) sustained and (b)
cyclic loads, and transmission electron micrographs of the crack profiles at the
crack-tip region in under (c) sustained loading (KI = 4.1 MPa√m) and (d)
cyclic fatigue loading (R = 0.1, ν = 25 Hz, Kmax = 4.1 MPa√m). Arrows
indicate the general direction of crack propagation [30].
Figure 19. (a) Fracture toughness and (b) fatigue-crack growth behavior in a 20 vol.%
TiNb-reinforced γ-TiAl intermetallic composite at 25°C at R = 0.1 in the edge
(C-R) and face (C-L) orientations, where the results are compared to data for
pure γ-TiAl, β-TiNb and a Nb-particulate reinforced γ-TiAl composite. (c)
Extensive crack bridging by the uncracked ductile phase under monotonic
loading is severely degraded under cyclic loading due to (d) premature fatigue
failure of the ductile ligaments [34,35].
Figure 20. (a) Crack-tip shielding by uncracked (shear) ligament bridging in (γ+α2)
titanium aluminide (e.g., Ti-47wt.%Al) alloys promotes excellent (b) R-curve
toughening and (c) fatigue-crack growth resistance (compared to single-phase
γ), particularly in the coarser lamellar microstructures. Such bridging does
degrade under cyclic loading; however, the uncracked ligaments do not
necessarily fail preferentially (as in ductile-phase bridging) as they are the
same material as the matrix [82].
Figure 21. Scanning electron micrograph of the microstructure in the I/M Mo-12Si-8.5B
(at.%) refractory silicide alloy, showing coarse α-Mo particles in an
intermetallic matrix of Mo3Si and Mo5SiB2 (T2) phases.
(Etchant:
Murakami’s reagent) [84].
Figure 22. Fracture toughness in the form of R-curve behavior for a series of I/M and
P/M Mo-Si-B alloys, showing crack-growth resistance, KR, plotted as a
function of crack extension, ∆a, for the I/M and P/M alloys between 25° and
1300°C. IM1 and IM2 are I/M alloys with composition (at.%) Mo-12Si-8.5B
and Mo-12Si-10Nb-8.5B, respectively; PM1 and PM2 are P/M alloys both
with composition (at.%) Mo-16.8Si-8.4B. Results for the boron-modified
molybdenum silicides are compared with previous data [74] on monolithic
and Nb-particulate reinforced MoSi2 [84,85].
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Figure 23. Variation in cyclic fatigue-crack propagation rates, da/dN, as a function of the
applied maximum, Kmax, and alternating, ∆K, stress intensities, in the same
series of boron-modified molybdenum silicide alloys shown in Figure 22, at a
load ratio R of 0.1 between 25° and 1300°C [84,85]. Shown for comparison
are previous results [74] for Nb-particulate reinforced MoSi2.
Figure 24. The interaction of crack path with the microstructure in an I/M Mo-12Si-8.5B
alloy (IM1). In (a), crack arrest occurs at a large (∼ 30 µm) α-Mo particle at
25°C; whereas the main crack readily propagates through, or around, the
smaller Mo particles, the larger particles act as significant crack traps. In (b),
extensive microcracking, primarily in the Mo5SiB2 phase, is seen parallel to
the main crack at 1300°C. Horizontal arrow represents direction of crack
growth [84,85].
Figure 25. Schematic illustrations of the intrinsic and extrinsic mechanisms involved in
cyclic fatigue-crack growth in (a) metals and (b) ceramics, showing the
relative dependencies of growth rates, da/dN, on the alternating, ∆K, and
maximum Kmax, stress intensities [9].
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FIGURES

Fig. 1: Schematic variation of fatigue-crack propagation rate (da/dN) with applied stress
intensity range (∆K), for metals, intermetallics and ceramics.

Fig. 2: Schematic illustration of mutual competition between intrinsic mechanisms of
damage/crack advance and extrinsic mechanisms of crack-tip shielding involved in crack growth.

Fig. 3: Schematic illustration of the mechanisms of extrinsic toughening, involving crack
deflection and crack-tip shielding by inelastic zone or contact between the crack surfaces [8].

Fig. 4: Schematic illustration of the typical variation in fatigue-crack growth rates, da/dN, as a
function of the applied stress-intensity range, ∆K, in metallic materials, showing the regimes of
primary growth-rate mechanisms and effects of several major variables on crack-growth
behavior [17].

Figure 5: Fatigue-crack propagation in a bulk amorphous metal (metallic glass),
Zr41.2Ti13.8Cu12.5Ni10Be22.5, showing fatigue-crack propagation rates scaling with the ∆CTOD =
0.01 ∆K2/σoE' (where σo is the flow stress and E' is the appropriate Young’s modulus) and
corresponding striation spacings. Also shown for comparison are growth-rate results for
polycrystalline metals, namely 300-M high strength steel and 2090-T81 aluminum-lithium alloys
[21].

Figure 6: Schematic illustration of the primary toughening mechanisms in ceramics and
ceramic-matrix composites. Note that all mechanisms are extrinsic in nature and promote
inelastic deformation which results in a nonlinear stress/strain relationship.

Fig. 7: Fractography of ceramic fatigue in an in situ toughened silicon carbide (ABC-SiC) at
ambient temperatures showing the fractography and crack trajectories under (a,b) cyclic and (c,d)
static loading. Note the nominally identical intergranular fracture surfaces in (a) fatigue and c) on
the R-curve, and associated crack-tip shielding by grain bridging (b,d) in the crack wake. Due to
repetitive opening and closing of the crack, such bridging leads to the creation of more debris and
surface damage on the fatigue surfaces in fatigue [30]. Horizontal arrow represents direction of
crack growth.

Figure 8: Fatigue-crack growth rates, da/dN, for a range of transformation-toughened partiallystabilized zirconias (Mg-PSZ), as a function of (a) the applied stress-intensity range, ∆K, and (b)
the effective, near-tip stress intensity, ∆Ktip, which is equivalent to the maximum stress intensity
normalized by the fracture toughness, Kmax/Kc [7].

Fig. 9: Crack-tip shielding from bridging by interlocking grains (inset) showing (b) the variation
in bridging tractions p(X) due to debonding and frictional pullout, and the corresponding crackopening profile, as a function of the crack opening displacement (2u) [42]. Under cyclic loading,
the bridging is observed to decay, i.e., p(u) is progressively decreased.
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Fig. 10: Measured crack-opening profiles in an ABC-SiC ceramic for (a) where the crack was grown
near instability (on the R-curve), and where the crack was grown in fatigue near threshold (at ~1 x 10-10
m/cycle at ∼75% Kc). In (b), the best-fit bridging traction distributions are plotted for each case [41].

Figure 11: Model for crack-tip shielding at higher temperatures from viscous grain-boundary
film bridging, showing the development of the viscous force resulting from the velocity gradient
in the film [61].

Figure 12:

Self-consistent solution results showing predicted variations in the maximum, Kmax, and

minimum, Kmin, crack-tip stress intensity, normalized to the maximum applied stress intensity,

∞
Kmax
,

versus changes in the model parameters, namely (a) grain aspect ratio, d/h, (b) viscosity, η, and (c)
∞
frequency, f. The normalized crack-tip stress intensity range, ∆K K max
, is shown as the difference
between the two curves [61].

Figure 13:
Self-consistent solution results showing variations the crack-tip stress-intensity
range, ∆K, normalized by the applied stress-intensity range, ∆Ka, versus the non-dimensional
parameter Γ. Changes in the individual parameters of the model are shown by symbols while the
parabolic solution is denoted by the solid line. Note that the self-consistent solution, which
diverges from the parabolic at high Γ, is well-represented over the entire range by Γ [61].

Figure 14:Effect of cyclic frequency (2-20 Hz) on cyclic fatigue-crack growth rates, as a function
of Kmax, in gas-pressure sintered silicon nitride (EC-14) at 1200° and 1300°C, as compared to 20
Hz data at room temperature [62].

(a)

(b)

Figure 15.
High-resolution transmission electron micrographs of the grain boundaries in
ABC-SiC in the (a) as-processed, and (b) thermally exposed (1300°C for ~ 72 hr) conditions.
Note the complete crystallization of the amorphous phase after exposure compared to the glass
film of ~ 1 nm under as-processed condition [30].
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Figure 16.
Cyclic fatigue-crack growth rates, da/dN, in ABC-SiC as a function of the applied
stress-intensity range ∆K for the tests conducted at temperatures between 25° and 1300°C, load ratio
R = 0.1, and frequencies between 3 and 1000 Hz. For comparison, the crack growth behavior of
commercial SiC (Hexoloy) is also illustrated [30,63].

0 .8

1/2

o

1300 C , K I = K max = 4.1 MP am

1/2

0 .6
S tatic loa din g
0 .4

0 .2
Cyclic loa din g

stre ss intensity, K

C ra ck Exte nsion ,∆ a (mm)

o

25 C , K I = K max = 5.9 MP am

( ν =25, R=0 .1)

K I = K m ax

K m ax

Tim e

0 .0
0

50
10 0
Time, t (min)

15 0

Figure 17. Crack extension, ∆a, plotted as function of time, t, in ABC-SiC demonstrating the
effect of sustained loading vs. cyclic loading conditions, at a fixed maximum stress intensity (KI
= Kmax). Plotted is behavior at 25°C, where KI = Kmax = 5.9 MPa√m, and at 1300°C, where KI =
Kmax = 4.1 MPa√m [30,63].
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Figure 18.
Comparison of crack growth under sustained (static) and cyclic fatigue loading ABCSiC at elevated temperatures (1300°C), showing scanning electron micrographs of the fracture
surfaces under (a) sustained and (b) cyclic loads, and transmission electron micrographs of the crack
profiles at the crack-tip region in under (c) sustained loading (KI = 4.1 MPa√m) and (d) cyclic
fatigue loading (R = 0.1, ν = 25 Hz, Kmax = 4.1 MPa√m). Arrows indicate the general direction of
crack propagation [30].
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Figure 19.(a) Fracture toughness and (b) fatigue-crack growth behavior in a 20 vol.% TiNb-reinforced γTiAl intermetallic composite at 25°C at R = 0.1 in the edge (C-R) and face (C-L) orientations, where the
results are compared to data for pure γ-TiAl, β-TiNb and a Nb-particulate reinforced γ-TiAl composite.
(c) Extensive crack bridging by the uncracked ductile phase under monotonic loading is severely
degraded under cyclic loading due to (d) premature fatigue failure of the ductile ligaments [34,35].

Figure 20.(a) Crack-tip shielding by uncracked (shear) ligament bridging in (γ+α2) titanium
aluminide (e.g., Ti-47wt.%Al) alloys promotes excellent (b) R-curve toughening and (c) fatiguecrack growth resistance (compared to single-phase γ), particularly in the coarser lamellar
microstructures. Such bridging does degrade under cyclic loading; however, the uncracked
ligaments do not necessarily fail preferentially (as in ductile-phase bridging) as they are the same
material as the matrix [82].
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Figure 21.
Scanning electron micrograph of the microstructure in the I/M Mo-12Si-8.5B
(at.%) refractory silicide alloy, showing coarse α-Mo particles in an intermetallic matrix of
Mo3Si and Mo5SiB2 (T2) phases. (Etchant: Murakami’s reagent) [84].
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Figure 22. Fracture toughness in the form of R-curve behavior for a series of I/M and P/M MoSi-B alloys, showing crack-growth resistance, KR, plotted as a function of crack extension, ∆a,
for the I/M and P/M alloys between 25° and 1300°C. IM1 and IM2 are I/M alloys with
composition (at.%) Mo-12Si-8.5B and Mo-12Si-10Nb-8.5B, respectively; PM1 and PM2 are
P/M alloys both with composition (at.%) Mo-16.8Si-8.4B. Results for the boron-modified
molybdenum silicides are compared with previous data [74] on monolithic and Nb-particulate
reinforced MoSi2 [84,85].
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Figure 23. Variation in cyclic fatigue-crack propagation rates, da/dN, as a function of the applied
maximum, Kmax, and alternating, ∆K, stress intensities, in the same series of boron-modified
molybdenum silicide alloys shown in Figure 22, at a load ratio R of 0.1 between 25° and 1300°C
[84,85]. Shown for comparison are previous results [74] for Nb-particulate reinforced MoSi2.
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Figure 24.
The interaction of crack path with the microstructure in an I/M Mo-12Si-8.5B alloy
(IM1). In (a), crack arrest occurs at a large (∼ 30 µm) α-Mo particle at 25°C; whereas the main crack
readily propagates through, or around, the smaller Mo particles, the larger particles act as significant
crack traps. In (b), extensive microcracking, primarily in the Mo5SiB2 phase, is seen parallel to the main
crack at 1300°C. Horizontal arrow represents direction of crack growth [84,85].

Figure 25. Schematic illustrations of the intrinsic and extrinsic mechanisms involved in cyclic
fatigue-crack growth in (a) metals and (b) ceramics, showing the relative dependencies of growth
rates, da/dN, on the alternating, ∆K, and maximum Kmax, stress intensities [9].

