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ABSTRACT OF THE DISSERTATION 

 

Fundamental Studies of Nanoparticle Effects on Functional Properties of Metals 

 

by 

 

Shuaihang Pan 

Doctor of Philosophy in Mechanical Engineering 

University of California, Los Angeles, 2021 

Professor Xiaochun Li, Chair 

 

 

The objective of this study is to provide insights and guidance for the rational design of 

high-performance metal matrix nanocomposites (MMNCs) with tunable functional properties for 

widespread applications. Microstructure-property relationship is a long-term focus for MMNCs, 

and incorporation of different nanoparticles would change these properties differently. Since the 

metals/alloys are unique with their high electron concentration and strongly coupled interaction 

between electrons and other configurational (micro-)structures, introducing nanoparticles into 

them will significantly influence electrical, thermal, chemical, and electrochemical properties. 

Given the various demands from industrial fields, MMNCs with predictable and reliable functional 

properties are urgently needed.  

However, there still exist significant challenges in utilizing optimal functional properties 

with a suitable combination of metals/alloys and nanoparticles. Several reasons contribute to the 
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deadlock situations: First, the supreme functional properties would limit the selection of 

nanoparticles, but specific desired nanoparticles may be hard to fabricate, incorporate, and 

uniformly disperse in metals/alloys. Second, due to the lack of studies into nanoparticles-affected 

functional properties, the relationships between microstructures, processing routes, and final 

performance are too complicated to be determined. Therefore, though mechanical properties have 

been studied for decades, the lack of functional performance study hinders the use of metal matrix 

nanocomposites. 

In this dissertation, a wide variety of MMNCs with a rational selection of nanoparticles 

were fabricated both in situ and ex situ to experimentally study the nanoparticle effects on their 

functional properties. Electrical, thermal, chemical (mainly anti-oxidation), electrochemical, and 

other selective functional properties (mainly tribological performance) were studied. The 

underlying mechanisms and (semi-)quantitative models have been investigated and developed to 

reveal nanoparticles’ role in tuning these properties, providing insightful guidelines for the rational 

design of high-performance MMNCs. 

The metal matrices in MMNCs are full of free electrons, and the high concentration of 

electrons is the most crucial factor to determine the electrical performance and other functional 

properties in MMNCs. In this study, the electrical performance of MMNCs fabricated by both in 

situ and ex situ methods have been investigated. Both Cu and Al alloys as the highly conductive 

matrices have been studied, and the metal-like ceramic nanoparticles such as WC, TiC, TiB2, and 

ZrB2 were used. First, the electron performance was measured with large temperature scanning on 

physical property measurement system (PPMS), and the role of the electron concentration and the 

electron diffusivity have been decoupled in the MMNC system. The experiments demonstrated 

that the reduced electrical conductivity is associated with a reduced electron concentration by the 
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interfacial electron localization. Second, with the understanding of the reduced apparent free 

electron concentration in MMNCs, a quantitative model was developed to depict the electrical 

conductivity change after the nanoparticle incorporation, and the feasibility of this model has been 

confirmed in Cu- and Al-based MMNC systems. This part of the study illustrates the fundamental 

role of the matrix-nanoparticle interface and explain the quantitative influences of the interfaces 

on the electronic parameters related to electrical conductivity. The developed model to predict 

electrical conductivity is necessary for the MMNC applications in electronic sectors. 

With this understanding, since electrons are the dual carrier for both electricity and heat, 

the thermal performance of the MMNCs has been systematically investigated. In this study, ex situ 

nanocomposites of Cu alloy (i.e., Cu-Ag/WC) and in situ nanocomposites of Al (i.e., Al-TiC, Al-

TiB2, and Al-ZrB2) were the primary focus. With the detailed microstructure investigation, matrix-

nanoparticle interfacial characterization, and thermal parameter analyses, the influence of 

nanoparticles on the thermal performance of metal matrix nanocomposites has been clarified. The 

changes in heat capacity (by differential scanning calorimetry), thermal diffusivity (by laser flash 

method), and thermal conductivity have been decoupled. The contribution from electronic and 

phonic thermal transport has been compared. This part of the study confirms the electron behavior 

change by nanoparticles. It illustrates a semi-quantitative relationship and close links between the 

investigated electronic and thermal properties in MMNCs. The analyzed systems (i.e., Cu and Al 

nanocomposites) would be critical to  rational design and applications of MMNCs in thermal 

management fields. 

Similarly, due to the high concentration of electrons of metal matrices and their relatively 

high activity, even with the  conductive ceramic nanoparticles, it is of interest to investigate how 

metal matrix nanocomposites respond to environments. Oxidation and corrosion are the two 
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primary degradation forms of metals in the environment, potentially compromising their service 

life and significantly limiting their applications in various conditions. This part of the study would 

be divided into two sections accordingly: Firstly, how the high-temperature oxidation process is 

influenced and how the temperature-dependent stability is tuned by nanoparticles have been 

investigated. Quantitative information about the thermal oxidation in Cu-based (i.e., Cu-40 wt.% 

Zn/WC) and Al-based (i.e., Al/ZrB2) nanocomposites have been obtained via ex situ and in situ 

(mainly in situ XRD) measurement methods. Two distinctive oxidation layer growth modes (e.g., 

continuous growth in Cu-40 wt.% Zn/WC and self-limiting growth in Al/ZrB2 nanocomposites) 

have been identified, respectively. The thermal oxidation kinetics and dynamics in MMNCs have 

also been clarified. The interactions among nanoparticles, microstructures, and oxidation driving 

force have been studied, and the potential applications and effective prevention measures have also 

been proposed.  Second, metal corrosion is a process associated with electron transfer and ion 

transport. During the process, corroded by-products (mainly oxides and hydro-oxides) will appear 

on the metal surface as a protection layer. Therefore, to understand the corrosion performance in 

MMNCs, the electron behavior and oxide growth were integrated. In this part of the study, 

aluminum alloy 7075 and A206 nanocomposites (i.e., wrought AA7075-TiB2 and AA7075-TiC as 

well as cast A206-TiC) were the main focus. During the experiments, the corrosion processes on 

the freshly exposed surface, passivated surface (with oxide layer), and passivated and then 

immersed surface (after being pitted) were compared, and their corrosion dynamical characteristics 

have been depicted with polarization potential scanning and electrochemical impedance scanning 

(EIS). Different corrosion performances, including pitting, intergranular corrosion, and stress 

crack corrosion, have been investigated under ASTM standards. The interplay between 

microstructures, oxidation, and corrosion has been quantitatively studied. In short, the corrosion 
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study of Al nanocomposites has advanced the understanding of the corrosive degradation process. 

It would also fundamentally shed light on possible measures of promoting the overall anti-

corrosion performance in MMNCs. 

Moreover, given other essential applications of MMNCs, other functional properties linked 

with tribological and manufacturing fields have been investigated. 

In summary, this dissertation’s extensive experimental studies have provided a useful 

fundamental understanding of the promising and tunable functional properties in various MMNCs. 

The starting point of electron behavior has created a unique angle to look into these functional 

properties by linking microstructures, electrons, and incorporated nanoparticles. Then, thermal 

properties, anti-oxidation performance, and anti-corrosion performance have been systematically 

studied, and the (semi-)quantitative models have been developed. Finally, tribological properties 

have been studied. This study advances the knowledge for rational design and  manufacturing of 

high-performance MMNCs with desirable predictable functional properties for numerous 

applications. 
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CHAPTER 1 INTRODUCTION 

1.1 Background and motivation  

 Recently, metal matrix nanocomposites have emerged as a novel class of materials with 

tunable properties for various applications. After the long-standing problem of nanoparticle 

dispersion in metals/alloys was tackled 1, MMNCs now start to yield a considerable impact in 

practical applications, including electrical conductors 2, thermal management materials 3, and 

environmental service structural materials 4. Since the nanoparticle incorporation into metal 

matrices already demonstrates advantageous mechanical strengthening effects 1, the combination 

with other tunable functional properties could open up more promising applications for MMNCs. 

For example, Cu- and Al-based MMNCs are expected to provide the next generation of electrical 

wires due to its enhanced mechanical properties and reasonable electrical conductivity 5. 

The current selection of MMNCs depends on the empirically experimental results to 

determine their functional performance, and the suitable MMNC system for a specific application 

scenario relies heavily on trial-and-error. As a result, this inevitably adds to unpredictability in 

MMNCs functional properties. Several intrinsic and long-standing reasons are responsible for the 

dilemma of using MMNCs: First, the properties of metals/alloys would be significantly influenced 

by the manufacturing and processing techniques 6–8, which makes the predictable functional 

properties in MMNCs complicated. Second, though the mechanical properties and strengthening 

effects in MMNCs are mainly related to microstructure (e.g., modified secondary phase, tuned 

interface characteristics) and nanoparticle-defect interactions9,10, the functional properties are also 

associated with the high concentration of free electrons in metals/alloys. In this case, understanding 

their functional properties and performances requires another degree of freedom from electrons. 

This requirement will result in a complex new angle to investigate the interplay between electrons 
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and nanoparticles. Last but not least, previous studies barely provided systematic discussion and 

analyses into the functional properties of MMNCs, and the obtained functional property data are 

scattered. For instance, even the nanoparticle volume dependence of these properties is not clear 

yet.  

Since the recent applications of MMNCs require more balanced electrical conductivity, 

good thermal conductivity 11–13, supreme thermal stability 14, and outstanding anti-corrosion 

performance 4, it is urgently needed to examine these functional properties systematically and 

investigate the microscopic interaction among electron, microstructure, defects, and nanoparticle 

to develop predictable models of accurately depicting these functional properties quantitatively. 

Given the increasing diversity of the MMNCs, a more fundamental understanding, instead of mere 

phenomenology and experimental observation, is required to obtain the complete image of the 

coupled interaction among these multi-scale features for changed functional properties. Therefore, 

there is a great opportunity to acquire the knowledge of the nanoparticle effects on these functional 

properties and understand how to quantify the nanoparticle effects on these properties. This 

dissertation could provide us insights and guidance on how to understand and predict the tuned 

functional properties in MMNCs by the incorporation of nanoparticles, possibly broadening their 

application space and extending their potentials. 

 

1.2 Research objectives 

This study is to study the essential functional properties of MMNCs experimentally, 

systematically analyze their relationships with lattice microstructures, electrons (as well as their 

electronic properties), and defects, and scientifically understand their interactions for an accurate 

prediction of these properties. The fundamental understanding gained through this study will 
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provide irreplaceable insights and guidance for the rational design of high-performance MMNCs 

for various applications. More specifically, this study will start with investigating the electronic 

properties to clarify the electron behavior in MMNCs. Then, thermal performance will be studied 

to confirm the role of electrons in tuning the transportation properties and charateristics of 

MMNCs. After integrating electrons to understand the nanoparticle’s interaction in MMNCs, the 

anti-oxidation and anti-corrosion performance of MMNCs will be discussed coherently. The 

engineering performance evaluation and microscopic fundamentals to understand the oxidation- 

and corrosion-resistance in MMNCs will be provided, and the characterization from 

microstructures, nanoparticles, and electrons will be used to support the understanding. Meanwhile, 

other properties like tribological performance will also be examined. 

 

1.3 Work summary  

 The remaining chapters of this dissertation include  

• Chapter 2 reviews the state of art into functional properties of MMNCs. 

• Chapter 3 conducts ex situ and in situ fabrication/synthesis for MMNCs. 

• Chapter 4 presents electrical and thermal properties of MMNCs.  

• Chapter 5 demonstrates the general chemical stability (including oxidation- and corrosion-

resistance) tuned by nanoparticles. 

• Chapter 6 explores tribological properties in selective MMNCs. 

• Chapter 7 draws conclusions. 

• Chapter 8 provides the recommendation for future work  
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CHAPTER 2 LITERATURE REVIEW 

2.1 Nanoparticle-reinforced metals 

Nanocomposite materials refer to the systems with two or more different phases 15, which 

could provide distinct properties. For metal matrix nanocomposites (MMNCs), the matrix is 

usually metallic alloy, whereas the incorporated particles are normally inactive stable nanoscale 

phases (mainly ceramics like oxides 10,16, nitrides 17, carbides 18–21, silicides 22, and borides23). The 

major difference between MMNCs and alloys with nanoscale secondary phases is that the 

reinforcement phases in MMNCs are not generated via the dynamic interaction with the matrix 

and thus could hardly be predicted by the phase diagram 24. With this definition, alloys themselves 

(e.g., AA7075 at T6 heat treatment state with the precipitated secondary phases 25,26) are 

considered “matrix” in our study 25. 

Currently, numerous material systems with different matrices and reinforced nanophases 

have been intensively investigated. The metallic matrices of copper 27,28, aluminum 29,30, iron 31, 

magnesium 32–34, zinc 35, and titanium 15,36 are among the most studied systems, and the used nano-

reinforcements include particles, fibers, laminates, and so on.  Due to the wide freedom of selection 

and mixture, these nanocomposite materials have been used in the various fields of automobile, 

aerospace, biomedical, and architecture industries. 

With the huge needs of the MMNCs, different fabrication and manufacturing methods have 

been developed accordingly to guarantee the quality and performance of MMNCs. In general, the 

nanoparticle incorporation process could be divided into 2 categories: ex situ and in situ methods. 

Ex situ methods could provide more controllable incorporation process with potentially higher 

MMNC purity and more uniform size distribution, but the intrinsic limitations from materials’ 

wettability and reactivity may limit the ex situ nanoparticles’ dispersion. Comparatively, in situ 
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fabricated nanoparticles could have a smaller nanoparticle size (though the uniformity may not be 

guaranteed) and may potentially achieve a better distribution in the matrices 37. The in situ process 

would be highly dependent on the thermodyamical processes 37, and the the synthesis of these 

nanophases usually require high temperature and reactive raw materials (e.g., KBF4 and K2TiF6 

for TiB2 in situ synthesis in Al, or activated Ti and B for TiB2 in situ synthesis in Cu) 2,23,37, which 

make the post-processing for purity and performance essential. 

After the MMNCs are fabricated, most research focuses on the strengthening effects of the 

incorporated nano-reinforcements. To obtain satisfactory mechanical properties, the following 

strengthening mechanisms in MMNCs are normally applied, namely Orowan strengthening, 

dislocation interaction strengthening (by the coefficient of thermal expansion mismatch, i.e., CTE 

mismatch), load-bearing transfer, and Hall-Patch strengthening effect. 

For Orowan strengthening, the spatial distance of nanoparticles is an important factor 

because it determines the resistance to the movement of dislocations 38. Previous studies have 

already confirmed that uniformly dispersed dense nanoparticles with a size of ~10-100 nm could 

remarkably promote the matrix’s mechanical properties. The Orowan strengthening effect is 

usually depicted with the relationship of 38–41: 

Eq. 2 - 1  ∆𝜎𝑂𝑟𝑜𝑤𝑎𝑛 =
0.13𝐺𝑚𝑏

𝜆
𝑙𝑛
𝑟

𝑏
 

where 𝑟 is the particle radius, and 𝜆 is the characteristic particle interspacing related to the 

nanoparticle volume fraction in the matrix. 𝑑𝑝 denotes particle diameter, b the Burger’s vector, 

and G the matrix shear modulus.  

CTE mismatch strengthening requires the formation of the geometrically necessary 

dislocations (GNDs) during the temperature-specific processing. The mismatch of the CTEs 
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between matrices and nanophases will increase dislocation density and strengthen the materials by 

the description of 40–42: 

Eq. 2 - 2  ∆𝜎𝐶𝑇𝐸 = √3𝛽𝐺𝑏√
12∆𝛼∆𝑇𝑉𝑝

𝑏𝑑𝑝
 

where ∆𝛼 indicates the difference of the CTE. ∆𝑇 is the temperature difference between 

the testing and processing temperature. When the nanoparticles are too small to accommodate 

these GNDs, there are no enough strain can be generated and thus the CTE mismatch might be 

neglected 1. 

Load bearing transfer would enhance the mechanical properties of MMNCs by the 

interfacial bonding between matrices and nano-reinforcement. The advantageous interface will 

help transfer the applied external loads from the soft matrix to the stronger nanoparticles 34. 

Therefore, the nanoparticle size (as well as the interfacial coherency) would determine the load 

bearing strengthening effects 43. Semi-quantitatively, the load bearing efficiency could be 

estimated with 40,41: 

Eq. 2 - 3  ∆𝜎𝐿𝑜𝑎𝑑 = 1.5𝑉𝑝𝜎𝑚 

where 𝑉𝑝 is the volume fraction of particles and 𝜎𝑚 is the original yield strength of matrix. 

Additionally, as defined above, the nanophases in MMNCs are comparatively more stable 

and harder. Thus, when the solidification processing is used for MMNCs, the molten matrix could 

preferably nucleate on the nanophases, and the effective heterogeneous nucleation would be 

favorable for refined grain sizes; besides, during the processing of MMNCs, these nanophases 

could act as the pinning points which could stop or inhibit the grain growth (e.g, during 

recrystallization and heat treatment). With these phenomena refining the grains in MMNCs, the 

strengthen effect could be enabled by the equation 40,42: 
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Eq. 2 - 4  ∆𝜎𝐻−𝑃 = 𝑘𝐻−𝑃 (𝑑𝑀𝑀𝑁𝐶
−
1

2 ) − 𝑘𝐻−𝑃(𝑑𝑚
−
1

2)  

where 𝑘𝐻−𝑃 is the strengthening coefficient. Here, dm is the average grain size of matrix 

without nanoparticles, and dMMNC the average grain size of matrix after incorporating nanoparticles. 

As shown in the abovementioned strengthening mechanisms, nanoparticles in the MMNCs 

will interact with the matrix, form the effective interfaces, influence the dislocation behavior, and 

change the systems’ microstructure. Since these micro/nano-scale structures are also closely 

interacting with the high-concentration electrons in the MMNCs, the functional properties are 

inevitably influenced, and the dilemma between the enhanced mechanical properties and the tuned 

or even deteriorated functional properties needs to be resolved (as shown in Figure 2 - 1). Current 

research concerning MMNCs’ functional properties will be reviewed in the following sections of 

the dissertation. 

 

2.2 Effects of nanoparticles on electrical and thermal properties of metals 

As mentioned in section 2.1, the strengthening interactions by nanoparticles will have non-

negligible effects on the electron behavior (see Figure 2 - 1), and the electron behavior along with 

other microstructural/configurational factors would determine the functional properties as a result. 

The simplest case would be the tuned electrical and thermal properties, because the affected 

electrons directly control these performances. 

 

2.2.1 Electrical properties in metal matrix nanocomposites 

Electrical performance of MMNCs is mainly gauged by electrical conductivity. The 

supreme electrical conductivity in metals/alloys is owing to the high carrier density and the large 

carrier mobility and diffusivity, with no band gap requiring thermal or other activations.  
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With nanoparticle incorporation, the nanoparticles size 44, volume fraction 45, nanoparticle 

characteristics 46, and interfacial bonding 23,45 would greatly influence the MMNC’s electrical 

properties. Except for the incorporation of reinforcement materials with higher electrical 

conductivity (e.g., graphene 47 and CNT 48), the electrical performance will usually be deteriorated. 

For example, current studies agree that nanoparticles with over 1 vol.% decrease electrical 

conductivity by imposing multiple scattering effects and shortening the mean free path (MFP) of 

electrons 47,49 (as shown in Figure 2 - 1). The fundamental reason behind the synergic effect of the 

concentration, geometry, size, and type of nanoparticles on the electrical conductivity is 

complicated and not well understood.  

 

 Figure 2 - 1 Illustration of electron scattering mechanism in MMNCs and the dilemma between 

high electrical conductivity and high strength in MMNCs 50. 

 

Currently, two common methods are used to study the electrical conductivity of MMNCs: 

First, the Effective Medium Theory (EMT) is used to predict the electrical conductivity of MMNCs 

macroscopically with no need of any detailed microscopic electronic and structural information 51–
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53. Second, via Matthiessen’s law, the respective electrical resistivity contributions by grain 

boundaries and dislocations 27,53,54 are considered to be additive. While the method provides a 

better understanding microscopically, it usually depends on indirect electrical analyses from 

mechanical/configurational information. As nanoparticles create barriers to electron movement, 

an experimental study is much needed to gauge the electron behavior directly.  

Furthermore, although existing theories and models are developed to understand electrical 

conductivity in MMNCs, few are broad enough to be applied to different systems. For example, 

in in situ Al-TiC, Al-TiB2, Cu-Y2O3, and Cu-Al2O3 nanocomposites, electrical conductivities are 

far lower than theoretical prediction (by EMT, etc.), some even with a mismatch of up to ~50% 

55,56. Some studies reported that refined phases may recover certain electrical conductivity, if the 

metal/alloy compositions are dynamically evolving during processing 23,57. More importantly, 

theoretical models are well established to determine the electrical properties of a composite 

material when a second phase dispersed in a metal matrix is at atomic scale (e.g., <<10 nm such 

as solid solutions) or at microscale (e.g., >>100 nm such as porosity or impurity). However, few 

models explore the influences if the second phase is at a size around 100 nm (e.g., nanoparticles) 

58. It is thus of significance to study how nanoparticles affect the electrical behaviour of metals. 

All these cases demonstrate the complexity of electrical conductivity, due to the high and 

sensitive intrinsic carrier density in metal/alloy systems and the difficulty in directly analyzing 

their electronic properties in a wide temperature range. 

 

2.2.2 Thermal properties in metal matrix nanocomposites 

Thermal properties refer to heat capacity, thermal diffusivity, and thermal conductivity, 

and these three properties are linked by the relationship of: 
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Eq. 2 - 5 𝑘 = 𝛼 ∙ 𝑐𝑝 ∙ 𝜌 

Where 𝑘 is the thermal conductivity, 𝛼  indicates the thermal diffusivity, 𝐶𝑝  the heat 

capacity, and 𝜌 the density.  

Microscopically, heat capacity is related to the materials phase and structure, because 

phonons as the Bosonic coherent lattice vibration responsible for heat transport are heavily 

influenced by lattice arrangements. Therefore, the microstructure modification in MMNCs could 

lead to the heat capacity change. Second, since electrons are dual carriers for heat and electricity 

and belong to Fermions, the tuned electronic properties in MMNCs could simultaneously lead to 

the heat capacity change, due to the interrupted density of states in nanoparticles, at matrix-

nanoparticle interface, and by the introduced defects (as shown in Figure 2 - 2). The measurements 

for heat capacity in MMNCs are usually conducted by differential scanning calorimetry (DSC). 

For example, Ma et al. have experimentally measured the specific heat capacity of Al2O3/Ni 

nanocomposite with DSC techniques 59.  

Similarly, as thermal diffusivity is measuring how rapidly the heat is able to be moved 

away in the materials, the sensitive phonon and electron thermal transport would be interactive 

with the incorporated nanoparticles. These coupled interactions in MMNCs will determine their 

thermal diffusivity (usually within a magnitude of ~10-100 mm2/s for MMNCs) and thermal 

conductivity (usually within a magnitude of ~10-100 𝑊/𝑚 ∙ 𝐾 in MMNCs). Current methods for 

thermal diffusivity measurement relies on flash heating (e.g., laser flash method 60) to create a heat 

source and subsequently measure the thermal dissipation speed.  
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Figure 2 - 2 Illustration of thermal transport mechanism in MMNCs and various thermal 

transport barriers in MMNCs (the figure is adapted from Ref.12 and Ref. 61). 

 

Currently, different models, including the Weiner and Hashin-Shtrikman (HS) bounds, are 

widely used to depict the thermal conductivities in composite materials 62.  

The Weiner and Hashin-Shtrikman models are based on the similar EMT theories for 

electrical conductivity 12. Since the Weiner model unrealistically assumes the non-interacting 

situation by the pure mixture law in composite materials, the HS model is more applicable for 

predicting the theoretical upper bounds of the thermal conductivity with the consideration of 

interfacial thermal resistance in composites. According to the HS and Weiner models, to enhance 

the thermal conductivity in materials, particles with supreme intrinsic thermal properties, such as 

diamond particles 13,63, graphene 12,64, and carbon nanotubes 65, are normally selected. However, 

the requirements for reinforcement coating 64,66 and extreme processing techniques 13 to overcome 

the wettability issues between metal and reinforcement phase 1 are problematic. When more 

defects, including voids and agglomerations, 67,68 are introduced, thermal transport is further 

deteriorated 3 and is usually significantly lower than the predicted HS and Weiner upper limits 69. 
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Recently, metallic ceramics including TiC,25 WC,70 TiB2,
71 etc., have attracted much 

attention due to their metal-like behavior,72 reasonable wettability with metals,22 and high thermal 

stability73,74. Their incorporation into metals can also offer unique electrical and thermal behaviors 

to the nanocomposites,75 due to the interaction between electrons, phonons, and other quasi-

particles.2 However, a lack of detailed fundamental understanding of these interactions could limit 

the rational design of metal matrix nanocomposites for thermal applications. 

The difficulties of studying the thermal properties of metal matrix nanocomposites are 

rooted in the following aspects: first, multiple factors contribute to the altered thermal properties. 

Researchers have already shown that nanoparticles will affect the heat capacity and thermal 

diffusivity76,77. As interfacial thermal conductance is important for thermal performance, recent 

studies have also demonstrated that the Debye temperature ratio between metals and metallic 

ceramics will greatly influence interfacial conductance 78. Second, as nanoparticles form interfaces 

with the matrices by severe chemical reactions (e.g., in Al-SiC systems), interfacial thermal 

conductance must consider the effects of the resulting intermediate layers 79,80. Most significantly, 

as the interfacial coupling between electrons and phonons becomes more complicated,81,82 the 

interfacial thermal conductance values predicted by the acoustic mismatch model (AMM) and the 

diffusive mismatch model (DMM) see a huge discrepancy.82,83 Especially when metallic ceramic 

nanoparticles are used, electron-electron coupling may also play a role.84,85 Since electron-electron 

coupling in heat transport is orders of magnitude more effective than other coupling transport 

mechanisms, an experimental estimation is still hard to obtain. As a result, many previous studies 

in metal matrix nanocomposites have used incorrect prediction models or dismissed the electron-

electron coupling effects 80,86. A systematic study on the interfacial thermal conductance between 

metal/alloy and metallic ceramic nanoparticles is urgently needed. 
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2.3 Effects of nanoparticles on chemical stability of metals 

Unfortunately, in addition to the supreme electrical and thermal conductivity by carrier 

transportation, high concentration of free electrons in metals and alloys introduces another crucial 

problem for their long-term applications and service: materials’ degradation owing to their high 

chemical reactivity 87. With the comparatively high chemical reaction rate in various environments, 

the metallic system (e.g., the matrices in MMNCs) is sensitive to condition-dependent temperature 

88, humidity 89, oxygen level 90, ion attack 91, compositional change 87,92, chemical reaction/element 

dissolution 92–94, and defects’ interaction 95 etc., which could lead to a catastrophic failure. 

Given the importantance of anti-oxidation (i.e., high-temperature chemical stability) and 

anti-corrosion (i.e., chemical instability introduced in corrosive media) performance of 

metals/alloys in the real industrial applications, the study into these two fields for MMNCs will be 

reviewed in this section.  

 

2.3.1 Anti-oxidation performance of metal matrix nanocomposites 

Anti-oxidation behavior of MMNCs is of great importance because metals/alloys, like Cu-

Zn and various Al alloys, are widely used for coatings 96, heat exchangers 97, soldering media 98, 

catalysts, and solar cell electronics 99. They will be inevitably exposed to the conditions of high 

temperature, high humidity, and/or in oxygen-abundant environments 97.  

Currently, the metal/alloy oxidation process could be depicted, quantified, and classified 

by two common models: namely continuous growth mode (in metals and alloys like Cu, Zn) and 

self-limiting growth mode (in Al and its alloys) 100 (See Figure 2 - 3 (c)-(f)). 
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Figure 2 - 3 (a) Phase diagram for the temperature- and time-dependent oxidation behavior in 

iron system, and (b) oxidized surface morphology for stainless steel 101,102. (c) Illustration of 

copper oxidation modes, and (d) temperature-dependent oxidized surface morphology for copper  

88,103. (e) Illustration of in situ measurement for Al oxidation, and (f) the observed alumina 

growth at Al surface during oxidation 104.  
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2.3.1.1 Non-limiting oxidation in metal matrix nanocomposites 

For the non-limiting oxidation process, regardless of the oxidation layer morphology, the 

rate-laws will be followed with the general form of 105,106: 

Eq. 2 - 6 𝑧𝑛 ∙
𝑑𝑧

𝑑𝑡
= 𝑘𝑜𝑥𝑖𝑑𝑒 

 Where 𝑧 indicates the oxide layer’s characteristic thickness, and 𝑘𝑜𝑥𝑖𝑑𝑒 the oxidation rate 

constant. Here, 𝑛 (usually with a value of 0 ≤ 𝑛 ≤ 2) 105 refers to the different non-stop oxidation 

modes with the linear, parabolic, and cubic oxidation rate. 

 For the non-limiting oxidation processes with Cu and Zn alloys, a diffusion-controlled 

mechanism is accepted as a quantitative description 103 (see Figure 2 - 3 (c)). The effective 

diffusion flux responsible for the surface oxidation happens mainly along the grain boundary (GB). 

It is proportional to the GB diffusivity of the oxidized metallic element, the GB characteristic 

width, and the local stress gradient along the GB direction 103.  

It is known that due to the pushing/capturing effects 107, the incorporated nanoparticles 

could reside at GBs of MMNCs. Considering the diffusion-controlled mechanism for Cu and Zn 

alloy oxidation, the anti-oxidation performance of their MMNCs could be potentially enhanced. 

However, due to the fabrication and manufacturing difficulties, there lack s a systematic study into 

Cu- and Zn-MMNCs’ anti-oxidation performance.  

 

2.3.1.2 Self-limiting oxidation in metal matrix nanocomposites 

Self-limiting oxidation in Al is a coin with two sides: Al and its alloys are susceptible to 

surface oxidation due to their high chemical reactivity 106. This susceptibility relates closely to the 

corrosion performance of Al alloys 108 and may induce degradation by a high oxidation rate 109.  

Simultaneously, given the stability of the formed oxide Al2O3 itself, oxidation is also widely used 
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for applications in microelectronics and catalysts with high-quality oxide insulators and protection 

against wear and corrosion. For these applications, the oxidation-introduced Al2O3 thickness, 

morphology, and chemical composition are of great importance.  

When it comes to the quantitative understanding of the thermal oxidation process in Al 

MMNCs, many difficulties regarding the thermal oxidation process of Al systems cannot be 

neglected. The following reasons contribute to the controversial understanding and unreliable 

prediction of the Al MMNC thermal oxidation process: 

First, Al forms oxides with condition-dependent phases (e.g., amorphous Al2O3) and 

characteristics (e.g., dehydration process from the precursor Al2O3∙xH2O) 110–112. The thermal 

oxidation process shows completely different mechanisms from other metals like Cu, Zn, and Fe. 

Previous studies and research on Al thermal oxidation mainly focus on the low-pressure conditions 

(𝑃𝑂2 = 10
−6~101 Pa) 113. This environment has limits as it has been proved that air pressure will 

significantly influence the anti-oxidation performance 110,114. 

Second, it is confirmed that Al will generate a self-limiting oxidation layer in the low-

temperature thermal oxidation process 113. However, when nanoparticles are incorporated into 

metal matrices, it is unclear how the anti-oxidation performance is altered.  

Based on previous studies, the self-limiting Al oxidation demonstrates a strong surface 

composition- and oxide layer-dependent characteristics, irrelevant to the GB diffusion mechanism. 

Therefore, there is a strong need to investigate nanoparticles' role in the oxidation process of Al 

nanocomposites under air pressure for both high strength and tunable thermal stability. 
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2.3.2 Anti-corrosion performance of metal matrix nanocomposites 

 Corrosion in MMNCs would be more complicated than oxidation process, since the 

involving elements from the environment of O, Cl 91, and H 95, etc. could be more convoluted, and 

the electrochemical nature of the processes requires a thorough understanding on microstructures, 

nanoparticles, and electrons 115. While MMNCs are gaining more interests for their strengthening 

effects, corrosion related to their mechanical behavior should be understood.  

 In this part, the review will focus on surface corrosion process and stress corrosion cracking 

(SCC), respectively. The discussion about surface corrosion considers the interaction between 

MMNCs and the corrosive environments without mechanical stimuli (e.g., pre-loading) (as shown 

in Figure 2 - 4 (a)-(d)). As an important complementary, SCC will consider the anti-corrosion 

performance with mechanical stress intervention (as shown in Figure 2 - 4 (d)-(f)).  As a summary, 

the links between surface corrosion and SCC will be drawn to cast light on their close dependence 

on the microstructures, nanoparticles, and other behavior (electron behavior, oxidation 

performance, etc.) in MMNCs. 

 

2.3.2.1 Corrosion in metal matrix nanocomposites 

 Surface corrosion in metals and alloys is happening mainly due to the chemical and 

electrochemical reactivity in the stimulated corrosive environments. Based on the corrosion 

conditions, it could happen in basic (pH>8), neutral (pH~6-8), and acidic (pH<6) solution. For 

example, Al alloys suffer from corrosion in all pH-range solutions, whereas most metals would be 

much more stable in basic solution than in acidic solution. In our review here and the dissertation 

research thereafter, the neutral solution corrosion behavior (i.e., in 3.5 wt.% NaCl non-degassed 

solution) should be our focus, because of its widet industrial applications and interests. 
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Figure 2 - 4 (a) Characteristic precipitate free zone (PFZ) and grain boundary precipitates 

(GBPs) in coarse-grain (a-1 to a-3) and nano-grain (a-4 to a-6) AA7075 alloy 94; (b) Localized 

corrosion near the precipitates in AA7075 alloy 116; (c) The characteristic EIS impedance 

equivalent circuit for the corrosion analysis of micro-arc oxidized AA7075 alloy 117; (d) 

Corrosion potential of various precipitates in Al alloys responsible for localized corrosion 118; (e) 

The typical SCC stages and the crack propagation speed-stress intensity relationship 92; and (f) 

the element/composition (i.e., Cu concentration, here)-dependent SCC behavior in the modified 

AA7050 (with 6 wt.% Zn and 2 wt.% Mg as basis)-T6 alloy 92.  

 

 Surface corrosion itself is also classified into several categories, given its various corrosion 

forms. It could happen in the forms of non-localized surface electrochemical process (i.e., 

homogeneous surface corrosion), pitting corrosion (i.e., localized corrosion on specific surface 

locations), and intergranular corrosion (IGC, namely preferential penetrating corrosion behavior). 

For non-localized surface electrochemical processes, it could be hard to realize, because 

alloying and nanoparticle incorporation would inevitably introduce local compositional, structural, 
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(Figure 2 - 4 (a) and (b)) and electrochemical (Figure 2 - 4 (d)) differences. Thus, pitting corrosion 

and IGC would be stressed here. 

 Pitting: Pitting corrosion (See Figure 2 - 5) has features of localized corrosion current, 

which cause a large-cathode but small-anode configuration. The initiation of pitting is usually 

associated with a ruptured passivation film on the surface 119 and a non-uniform local 

electrochemical potential (e.g., introduced by inert or active alloying element 120), which leads to 

the exposure of easily corroded locations and the sudden increase of the corrosion current during 

the polarization potentiodynamic scanning (as shown in Figure 2 - 5(a)). More severely, the pitting 

sites could develop into crack initiation spots, which may cause the rapid failure of materials in 

service (as shown in Figure 2 - 5 (c)). Generally speaking, pitting corrosion is influenced by the 

ion concentration (e.g., Cl ion in 3.5 wt.% NaCl solution) 121, pH 121, passivation film 

characteristics 119 (e.g., oxidation process would change the corrosion potential associated with 

TiB2)
122, and microstructures (e.g., grain size, processing/manufacturing history) 120,123–125. 

 

Figure 2 - 5 (a) The characteristic polarization curve showing the pitting corrosion process in 

materials 126; (b) the typical current and ion concentration distribution near a pit in pitting 

corrosion 127; and (c) Side effects of pitting corrosion like crack initiation in AA7075 alloy. 

  

For MMNCs, after various nanoparticles are introduced into the metal matrices, the grains 

and secondary phases would be refined 25,128. Thus, this change of microstructure signatures could 
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have effects on the pitting corrosion 124. Moreover, since the nanoparticles are usually metallic 

ceramics like TiB2, TiC, and WC, the electrical performance of MMNCs will be changed, and the 

matrix-nanoparticle interfaces will inevitably influence the electrochemical behavior and vary the 

pitting initiation locations accordingly. The study on the influence of incorporated nanoparticles 

on pitting resistance in various metal/alloy systems is urgently needed. 

 

 IGC Corrosion IGC corrosion is devastating, because of the rapid preferential attack at the 

grain boundaries (GB), which leads to the accelerated failure via the corroded GB as corrosion 

channels. Due to the GB-dependent nature of IGC, though many works have focused on 

quantifying and modeling IGC processes, 129 the results are far from being satisfactory. 

 For IGC corrosion, different processing and manufacturing routes would change the GB 

precipitates (GBP) greatly 130. The GBPs would dynamically interact with the compositions, 

chemical natures, and structural features (e.g., PFZ zones by the solute atom depletion 131) at or 

near the GB, which would contribute to the altered IGC susceptibility 130, as shown in Figure 2 - 

6. Second, GB’s misorientation angle is also an important factor to be considered for IGC 

susceptibility 132, because high angle GB (i.e., HAGB) is a preferential channel for corrosion crack 

propagation. Therefore, tuning the GBPs, minimizing the PFZ, reducing the HAGBs could be 

effective at suppressing IGC initiation and impede subsequent crack paths. 

 The IGC susceptibility is the most important factor to promote IGC failures and is 

determined by a standardized acceleration corrosion test by specific corrosion medium4 (e.g., with 

the ASTM standards G100 for AA7075 alloy), as shown in Figure 2 - 6 (a). This method is useful 

to determine the comparable engineering values of IGC susceptibility but may blur the microscopic 

signatures for the IGC initiating processes.  
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Figure 2 - 6 (a) The characteristic IGC cross-section view for AA7075 alloy 94; (b) Methodology 

for statistically analyzing IGC using EBSD in Al-Mg-Si-Cu alloy: (b-1) Shows a secondary 

electron SEM image after 2 h exposure to the IGC test solution; (b-2) Inverse pole figure map 

with grain boundaries separated by misorientation angle. (b-3) EBSD image quality map, 

overlaid with corroded (yellow) and uncorroded (cyan) grain boundary segments 132. 

 

As stated above, the IGC process is also heavily dependent on the GBPs, PFZ, and GB 

angles, whose influential factors overlap with the pitting corrosion. Thus, when it comes to the 

source of IGC and the interplaying driving forces in IGC propagation, pitting corrosion could be 

important in determining the IGC susceptibility. For example, pitting is usually severe near the 

oxide layer-ruptured area 125; if these areas overlap with the GB areas, the interchange of corrosion 

modes between IGC and pitting could be mutually conducive 125. As shown in Figure 2 - 6 (b), 

the IGC paths are surrounded with a high density of pits 132. 

Knowing all the factors and corrosion mode interactions, IGC behavior for metals/alloys 

after nanoparticle incorporation could be tuned due to the following reasons: 1) Microstructure 

change and structural refinement: Nanoparticle incorporation would usually introduce smaller 

grain size and more refined secondary phases/precipitates,25,35 which could be advantageous 

toward an IGC-resistant composite; 2) Nanoparticles’ location: Owing to the solidification kinetics 

and dynamics, nanoparticles might be pushed to the last solidified areas 107, where the secondary 
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phases, GBPs, etc. would be the last to nucleate and form. These local areas are often the IGC-

weak locations because of the galvanic electromchemical potential difference133 (depending on the 

compositional and configurational differences with the main lattices). Once the inert and noble 

nanoparticles like WC, TiC, and TiB2 reside densely in these areas, it could provide a tougher 

corroded path, altered corrosion potential, and mitigated localized difference, all of which will be 

important in determining the ultimate IGC-resistance; 3) Passivation ability: As stated in Section 

2.3.1, oxide layer characteristics and oxidation process might be influenced by nanoparticle 

incorporation. Since IGC initiation is inter-dependent on pitting evolution, the passivation film 

may serve as an effective barrier for anti-IGC performance 92, and the effects by the incorporation 

of nanoparticles into metals and alloys could be significant. 

 

2.3.2.2 Stress corrosion cracking in metal matrix nanocomposites 

 SCC needs to be addressed with extra care, because its evolution is the consequence from 

both electrochemical interactions (e.g., corrosion, pitting, and IGC) and mechanical interruption 

(i.e., by stress, as shown in Figure 2 - 7). Given the corrosion nature of this process, its propagation 

and failure are similarly relying on variables like alloy composition,109 ageing condition,134 and 

subsequent microstructure changes 135, as shown in Figure 2 - 7 (a)-(c). Due to the complex nature 

of the SCC, here, we limit our discussion to the alloy system of Al alloys (mainly 7xxx-series 

alloys with Al-Zn-Mg-Cu compositions and cast aluminum alloy A206 with Al-Cu as the main 

composition) in aqueous chloride solutions (e.g. 3.5 wt.% NaCl solution). 
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Figure 2 - 7 (a) Scanning TEM micrographs of 7075 (left) and 7079 (right). Both specimens in 

the overaged (T7) condition, showing GBPs, matrix (precipitates), and PFZ 136; (b) Visualized 

SCC surface after failure 137; (c) Virtual cross-sections of the stress corrosion crack 

perpendicular to the crack propagation direction (i.e. the Y-direction) for the AA7032 sample: 

(c-1) just below the notch and (c-2) 10 mm away from the notch (half-way down the sample). 

Virtual cross-sections of the AA5083 sample: (c-3) near the crack origin and (c-4) close to the 

crack front; (c-5) Polarised light micrograph showing the representative grain structure of the 

AA7032 sample; (c-6) EBSD orientation map in Euler colors showing the grain structure for the 

AA5083 sample.138 (d) The representative methods to measure SCC susceptibility by double-

cantilever setup 134,139. 
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 When it comes to the influence of alloy composition, Cu is believed to have a critical role, 

because crack propagation speed (in stage II, as shown in Figure 2 - 4 (e)) in low-Cu AA7079-

T651 (with 0.4-0.8 wt.% Cu) is orders of magnitude higher than high-Cu AA7075-T651 (with 1.2-

2.0 wt.% Cu) in aqueous NaCl solutions 140. For Cu element alone, the difference in SCC 

performance is confirmed with TEM and electrochemical potential measurement. The conclusion 

is that Cu could substitute into MgZn2 to form MgZn2-xCux GBPs,141 and the resultant tuned 

electrochemical properties of these precipitates with Cu could mitigate the hydrogen 

generation/uptake, increase the GP zone-stable temperature range,92 and change the SCC 

propagation speed 136 (consistent with Figure 2 - 4 (f)). More recently, it has been observed that 

higher Cu content (with higher Zn content) could also introduce more refined and denser 

strengthening precipitates 142,143. Considering the effects of refinement on pitting and IGC, etc., 

the advantages of tuning Cu composition for a better SCC-resistance are understandable. For other 

elements like Mg, Zn, Mn, Fe, etc., they tend to tune the SCC-performance by changing the 

precipitates’ anodicity during various heat treatment processes 92,144. Nevertheless, it is incorrect 

to simply assume that adding inert elements like Cu, Ag, Zr, etc. would mitigate SCC cracking 

due to the potentially enhanced anti-corrosion behavior 145. Previous study for Al-Cu system has 

shown that the addition of corrosion-beneficial Ag element could adversely introduce higher SCC-

susceptibility 146. The main reason for this phenomenon is the formation of high-density Ag-

contained secondary phases. Their similar chemical composition with Al2Cu makes Ag-containing 

secondary phases cathodes in corrosion, and the increased cathode area would increase the 

galvanic current through the PFZs (since the PFZs act as anodes) 146. Thus, the SCC behavior is 

sensitive to the balance of the electrochemical potential by alloy composition 120, and, 

unfortunately, is not simply related to their different concentration. 
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 Since ageing process (as part of the effective heat treatment for higher strength) is an 

inevitable processing technique influencing the compositional distribution and microstructural 

evolutions, ageing could also have dominant roles in determining the SCC susceptibility of Al-Zn-

Mg-Cu alloys. For AA7075 alloy specifically, at peak aging, metastable η’(MgZn2) is dominant, 

and their anodic preferential corrosion (mainly in the form of pitting) will cause stress 

concentration 147. Since some η’(MgZn2) and stable η phases could appear continuous along the 

GBs 147, once dissolved, it creates the cracking tunnels and accelerate SCC rate and hydrogen 

diffusion 148. Therefore, as a common practice, overageing and RRA (namely retrogression and 

reageing treatments) could be conducive to achieving a higher SCC-resistance,134 because these 

methods could favorably change the precipitation processes and tailor the precipitates’ distribution, 

composition, and structural characteristics. Currently, to cater to the needs of different alloy 

systems, novel aging processes using time- and non-thermal control is developing. For instance, 

studies have used interrupted aging 149 and electrical pulses 150 as a way to introduce favorable 

precipitates and tune the SCC-behavior. By extending the control freedom of time elapse and 

electronic potential, these methods give triumphant trials, but the complexity of the processing 

sequence still limits their applications in SCC-reduction. 

  After nanoparticles are involved in the SCC observations and analyses, it is still not clear 

whether the SCC performance of Al-Zn-Mg-Cu nanocomposites will be enhanced or deteriorated. 

First, the incorporation of nanoparticles (such as TiC) will refine the secondary phases near or at 

the GBs, which will favorably break the precipitate continuity 25. Second, the inert nanoparticle 

would be an effective barrier for diffusive processes including anodic dissolution and hydrogen 

transport. For example, it has been confirmed that carbides could make the adjacent precipitates 

nobler151 and have more affinity to hydrogen via the thermal desorption spectroscopy (TDS) 95. 
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There are more benefits of nanoparticles in MMNCs, such as primary grain refinement, their 

intrinsic electrochemical stability, etc. However, the potential disadvantages could not be ignored. 

For instance, the matrix/reinforcement interface could lead to selective corrosion, if not chosen 

reasonably 92. When the nanoparticles are conductive like TiC, WC, and TiB2, galvanic dissolution 

and possible de-bonding at the interface would deteriorate SCC-resistance 139. Moreover, the 

unexpected micro-segregation (of elements like Mg) at the matrix/nanoparticle interface could 

worsen the SCC scenarios 92.  

 

2.4 Effects of nanoparticles on Tribological performance of metals 

Alloys (including light-weight aluminum alloys) are widely utilized in the fields of 

aerospace, transportation, and construction. In particular, aluminum alloys after various heat-

treatment are of great interests, due to their high ultimate tensile strength of 570 MPa and fracture 

toughness of up to 29 𝑀𝑃𝑎 ∙ √𝑚 (as an example, in AA7075-T6 of Al-Mg-Zn-Cu series) 147,152,153. 

Since it is also closely related to bearings, brake linings, and pistons for industrial applications, 

improving its friction and wear performance is highly desired 154,155. 

Recently, aluminum matrix composites (AMCs) by adding metallic, ceramic or organic 

reinforcements have emerged as an important class of materials for tribological applications. For 

AMCs, commonly used reinforcement particles include silicon carbide (SiC), titanium carbide 

(TiC), titanium diboride (TiB2), titanium oxide (TiO2), alumina (Al2O3), carbon black (CB) and 

boron carbide (B4C) 58,156, which can achieve friction reduction and wear resistance when 

compared to the original alloys 157–159 (as shown in Figure 2 - 8 (a)). 
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Figure 2 - 8 (a) Typical curves of friction coefficients of (a-1) SiC/Al composite and (a-2) 

TiB2/Al composite against GCr15 bearing steel as a function of sliding time 

under dry sliding condition (P = 0.49 N and V = 0.8 m∙s-1) 160; (b) Two friction/wear contact 

mode in SiC-reinforced Mg/Al composites: Erodant impinge effectively (left) or erodent 

prevented due to “short space” 161. 

 

With this potential, the tribological properties of AA7075 AMCs have also been critically 

analyzed. For example, Roy et al. 162 reported that the addition of SiC and CB into AA7075 alloys 

significantly reduces the wear rate by the grain refinement effect. Bai et al. 163 also reported that 

the Al2O3 addition elevates the hardness of AA7075 composite to a level higher than that of the 

vermicular cast iron counterpart, thus significantly decreasing the wear rate. Kar et al. 164 used TiC 

as the reinforcement for AA7075 in their study. They found that the CoF is lowered by 20 % due 

to the improved strength and hardness with the optimal amount of TiC.  

However, the reported tribological performance of AA7075 nanocomposites from these 

studies is inconsistent, owing to the diversity of the friction counterpart materials, the different 

surface roughness of the samples, and the resultant blurred distinction between friction and wear. 

For instance, UI Haq et al. 165 and Mistry et al. 166 reported contradictory results for the tribological 

properties of AA7075-Si3N4 composite against Fe-52100 (i.e. EN 31 steel in their study). As the 

amount of the reinforcement increased, UI Haq et al. reported higher CoFs for up to 6 wt.% of 

Si3N4, while Mistry et al. observed a decreasing trend in CoF. The controversial nature and 
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inconsistency of tribological performance is also observed in other AMCs due to the similar 

reasons (as shown in Figure 2 - 8 (b)). 

Secondly, among the available reinforcements, TiB2 also has potential in superior 

tribological applications 167–169 owing to its supreme interface with AA7075, strengthening effect 

to the matrix and phase refinement for AA7075 160,161. Yet, no tribological studies have been 

reported to investigate the effects of nanoscale TiB2 on AA7075 to the best of our knowledge. 

Both of these factors reduce the reliability of the tribological studies and limit the successful 

commercialization of AMC nanocomposites in tribological applications. 

 

2.5 Summary 

As discussed above, all the functional properties of metals/alloys show the microstructure-, 

composition-, and electron behavior-dependence. After the addition of nanoparticles, due to the 

microstructure change, compositional evolution, and increased matrix-nanoparticle interfaces, 

their functional properties are expected to change accordingly.  

 Owing the intrinsic complexity of influenced factors like grain, GBs, GBPs, PFZ, and 

defects (including dislocations), how the functional properties are changed in MMNCs is still not 

clear, and the previous studies have yielded controversial results (e.g., for chemical stability and 

tribological performance). A critical systematic study into these functional properties of MMNCs 

is urgently needed to enable their broad applications in industry. With the fundamental knowledge 

gained predicable, reliable, and quantitative description of functional properties in MMNCs under 

various scenarios would be possible in terms of processing, microstructure, and electron 

interactions.  
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CHAPTER 3 FABRICATION OF MMNCS 

3.1 Experimental method   

3.1.1 Ex situ molten salt assisted self-incorporation 

3.1.1.1 Fabrication of copper alloy nanocomposite (naval brass) 

The size distribution of the WC nanoparticles was characterized by Dynamic Light 

Scattering (DLS) on an N4-PLUS DLS Machine. Since WC is much heavier (Table 4 - 7), to ensure 

a good suspension and dispersion, 0.01% (wt./vol.) sodium polyphosphate solution was added to 

stabilize the WC nanoparticles. A suspension liquid with 100 µg of nanoparticles per liter was then 

subjected to ~2 hours of ultrasonic vibration before measurement. Each sample was repeated twice 

at 25℃. The size distribution of WC nanoparticles is shown in Figure 3 - 1. 

Before the incorporation, WC nanoparticles with an average size of 100-200 nm were 

mixed with KAlF4 : NaCl salt (the volume ratio of latter is 1:1; the volume ratio of WC : salt 

mixture is 1:10). The mixture was mechanically mixed for 1 hour to ensure a uniform composition. 

KAlF4 is utilized as an effective medium for metal oxide layer removal 170. NaCl is used to help 

prevent the rapid evaporation of KAlF4 and to ease the removal of residual salt mixture from the 

fabricated nanocomposite.  

The incorporation is performed using a molten salt stirring method. In the experiment, the 

crucible was placed into a resistance furnace and fully covered with insulation material. It was pre-

heated to 930℃ and maintained isothermal for 5 mins. Hereafter, pure Cu-40 wt.% Zn 

(Commercial C464 Naval Brass by OnlineMetals®) was added, and argon protection was used 

with a flow rate of 10-20 ml/s. After Cu-40 wt.% Zn was fully molten, a boron nitride-coated 

stainless-steel stirring (Caframo® Pitched Blade A511) was positioned at the surface of the molten 

metal 171, and the nanoparticle-salt mixture was added. Upon the addition of the nanoparticle-salt 
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mixture, the mixing was started at 200 rpm/min. This incorporation process was continued for 30-

45 mins and the samples were cooled to room temperature in air. The facile fabrication process is 

summarized in Figure 3 - 2.  

 

Figure 3 - 1 WC nanoparticle size distribution and SEM image with the depiction for different 

phonon scattering ranges 

 

Figure 3 - 2 WC nanoparticle incorporation by molten salt stirring: (a) Experiment setup and (b) 

Dynamic model for incorporation stability. 
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3.1.1.2 Fabrication of copper alloy nanocomposite (Cu-Ag alloy) 

First, Cu-60Ag with 10 vol.% of WC nanoparticles (with an average size of 214 nm, shown 

in Figure 3 - 1) was fabricated by a molten salt-assisted casting method (see Figure 3 - 3) 70, 172. 

The Cu-60Ag/WC nanocomposites with high-purity elemental starting materials of Cu and Ag 

have been prepared. In the nanoparticle incorporation process, the crucible was first heated to the 

melting point of the alloy in a resistance-heated furnace. Then, the alloy (50-100 g, Figure 3 - 3 

(c)) was added, and argon protection (~10-15 mL/s) was provided. After the alloy was fully molten, 

the salt (KAlF4) with WC nanoparticles of designed volume percentage was added to the molten 

metal. The temperature was held for 20 mins. The mechanisms for effective nanoparticle 

dispersion are discussed elsewhere 173. The as-cast samples were ground, polished and ion milled 

to expose the microstructure. For comparison purposes, Cu-60Ag samples without nanoparticles 

and with different volume percentages of nanoparticles were also fabricated. The annealing heat-

treatment is done in the heat-treatment furnace at 500±5℃ for 48 hours; then, the samples will be 

furnace-cooling to the room temperature (~4h). The results of annealed Cu-60Ag and Cu-60Ag/10 

vol.% WC are summarized in Figure 4 - 23 (a) and (b). 
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Figure 3 - 3 (a) The molten salt-assisted incorporation process; (b) The illustrative casting 

process for Cu-60Ag/WC nanocomposites; (c) The sample dimensions for as-cast Cu-60Ag/10 

vol.% WC after surface polishing and slicing. 

 

To better understand the trend of thermal conductivity and test the evolution of thermal 

behavior in Cu-Ag systems (see Chapter 4), Cu-Ag nanocomposites with 10 vol.% WC and varied 

Ag content are fabricated via the same fabrication process. 

 

3.1.2 In situ nanoparticle generation and incorporation 

3.1.2.1 Fabrication of aluminum matrix nanocomposite (AMNC) 

Here, Al-TiB2, Al-ZrB2, and Al-ZrB2 nanocomposites with nanoparticle volume 

percentage less than 5 vol.% were fabricated via the in situ route. 

The in situ Al-TiB2 samples were first prepared: the crucible was heated to 750℃ in an 

induction furnace. After the aluminum metal became molten, KAlF4 was added 41,70; When the 

KAlF4 fully melted, the pre-mixed reactants, KBF4 and K2TiF6 (with amounts for desired TiB2 

volume percentage) were poured in. After 20 mins under 750℃, the samples were cast out and air-

cooled, as shown in Figure 3 - 4. 

 

Figure 3 - 4 In situ synthesis process for Al-x vol.% TiB2 nanocomposite. 
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The in situ Al-ZrB2 and Al-TiC samples were prepared via the similar fabrication route 

with KAlF4 covering and under Ar protection. The processing time varies with the different 

nanoparticle types. We should also note that the in situ processing for nanocomposites is favorable 

because of the optimal bonding interfaces between metals and ceramic nanoparticles. In addition, 

these ceramic nanoparticles can be successfully synthesized and stabilized with excess molten 

aluminum 79,174. 

 

3.1.2.2 Fabrication of aluminum alloy nanocomposite (AA7075 and A206) 

Al alloys are mostly strengthened via precipitation hardening, and the various precipitates 

(e.g., typical 𝜂 phase in AA7075 alloy and typical 𝜃 phase in A206 alloy) contribute to the unique 

properties in different high-strength Al alloys. In this study, 2 kinds of Al alloys were focused, i.e., 

traditionally uncastable AA7075 alloy (Al-Zn-Mg-Cu series) and castable high-strength A206 

alloy (Al-Cu series). 

AA7075 nanocomposites: For AA7075 alloy, AA7075-TiB2 and AA7075-TiC 

nanocomposites were fabricated. To obtain the optimal performance of AA7075 nanocomposites, 

based on the previous studies 26,175, the TiB2 and TiC volume percentage in AA7075 has been 

designed to be both 1.5 vol.% for the current study. 

The AA7075 nanocomposites were derived from the high-volume percent Al 

nanocomposite precursors (e.g., master nanocomposites like Al-TiB2 and Al-TiC with over 3 

vol.%). The precursor nanocomposites were melted at ~900 ℃, and the corresponding alloying 

elements (including Zn, Mg, Cu, and other trace elements) were added and manually stirred to 
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achieve the same and reasonably homogeneously distributed composition as AA7075 alloy. After 

alloying, the samples were first cast out into bulk ingots. 

For the extruded AA7075-TiC and -TiB2 nanocomposites, the hot extrusion was done by 

Shenchun Co. Ltd. The process was completed with the following parameters: The AA7075-TiC 

and -TiB2 nanocomposite ingots in a diameter of 150 mm was hot-extruded with an extrusion ratio 

of ~30; The extrusion speed was set at 1.5 mm/s; the monitored extrusion temperature was set at 

~400-430°C. 

 After obtaining the as-cast and as-extruded samples of AA7075-TiC and AA7075-TiB2 

nanocomposites, T6 heat-treatment (i.e., homogenization and solutionizing at 475°C for 2 hours, 

then quenching in water at 25°C, finally aging at 120°C for 24 hours) was used to obtain both the 

AA7075(T6)-TiC and AA7075(T6)-TiB2 nanocomposites under as-cast and as-extruded states. 

Commercial AA7075(T6) was used as the reference material. 

 A206 nanocomposites The cast pure A206 was melt in an induction furnace under argon 

protection of 15 mL/s and alloyed under 750 ℃  for 15 min. For A206-1.5 vol.% TiC 

nanocomposites (hereafter, A206-1.5TiC), the cast samples were derived from the dilution of the 

pure Al-3.5 vol.% TiC composite master (hereafter, Al-3.5TiC) by MetaLi LLC. Due to the 

reaction between Al and TiC  at a temperature lower than 780 C temperatures,176 the graphite 

crucible was first heated to 850 ℃ under argon protection. Pure alloying elements were added first 

and isothermally kept for 15 min. Then, Al-TiC was added, and the mechanical stirring with 

graphite stirrer blades was applied with a speed of 300 rpm for 10 min. The A206-TiC was cast 

out into a cylinder-shape mold and air-cooled. 

The heat treatments of T4 and T6 was applied after the cast samples were cut into thin 

pieces of ~2 mm thickness. T4 heat treatment followed the route of step-solutionizing at 515 ℃ 
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for 1 h and 530 ℃ for 8 h, water quenching, and naturally aging for 36 h. T6 heat treatment used 

the recipe of step-solutionizing at 515 ℃  for 1 h and 530 ℃  for 8 h, water quenching, and 

artificially aging at 155 ℃ for 24 h. 

After the heat treatment, the samples were cut into the desired shape and size by waterjet. 

The microhardness was measured by Microhardness Tester LM 800AT with a dwelling time of 10 

sec and a loading of 200 gf, and each sample was tested for at least 5 times. For the electrical 

conductivity, all the samples were grinded to ~100-150 um thick and polished up to 1200 grit with 

anhydrous ethanol. The measurement was conducted on Prometrix Omnimap RS-35 Four Point 

Probe Station. Each sample was measured for 5 times. The microstructure and surface morphology 

was characterized with electron microscopy and energy dispersion scanning on a Zeiss Supra 40KV 

model, and the secondary electron imaging was used with a 12 KV acceleration voltage. 

 

3.2 Experimental results 

3.2.1 Naval brass/WC nanocomposite by molten salt assisted self-incorporation 

Naval brass/WC samples taken from the ingots were ion milled for 2 hours to clean the 

surface. Scanning Electron Microscopy (SEM) imaging and Electron Diffraction Scanning (EDS) 

mapping (See Figure 3 - 5 and Figure 3 - 6 (a) and (b)) were used to confirm the nanoparticle 

dispersion and volume percentage. X-Ray Diffraction scanning (XRD, see Figure 3 - 6 (c)) further 

confirmed the existence of WC nanoparticles in the metal matrix.  As shown in Figure 3 - 5, even 

though pseudo-dispersed, the nanoparticles show a reasonable distribution with no sintering, 

agglomeration or severe clustering. 



36 

 

 

Figure 3 - 5 SEM Imaging and EDS Mapping for Cu-40 wt.% Zn with 12.5 vol.% WC 

nanoparticles. (High-magnification image shows the localized pseudo-dispersion area) 

 

Figure 3 - 6 (a) and (b) Element line-scanning for Cu-40 wt.% Zn/12.5 vol.% WC to confirm the 

existence of WC; (c)XRD Scanning for Cu-40 wt.% Zn/12.5 vol.% WC 
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3.2.2 Cu-Ag/WC nanocomposite by molten salt assisted self-incorporation 

Similar to the results of naval brass/WC nanocomposites, SEM imaging and EDS mapping 

(See Figure 3 - 7 and Figure 3 - 8) were used to confirm the nanoparticle dispersion, volume 

percentage, and nanoparticle-rich zone boundaries. Figure 3 - 7 has confirmed the existence of 

WC nanoparticles in the metal matrix. even though pseudo-dispersed, the nanoparticles show a 

reasonable distribution with no sintering, agglomeration or severe clustering. Since Cu-60Ag alloy 

has Cu-rich phase and Cu-Ag eutectic phase, it also shows that the preferential existence of WC 

nanoparticles near the boundary of Cu-rich phase, and the WC nanoparticles concentrate in the 

eutectic phase.   

 

Figure 3 - 7 Line-scan for the WC nanoparticle distribution in eutectic and Cu-rich phases of a 

Cu-60Ag/10 vol.% WC nanocomposite. 
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When looking at the fabricated Cu-Ag/10 vol.% WC nanocomposites with various Ag 

compositions, as shown in Figure 3 - 8, this preferential distribution of WC nanoparticles into the 

eutectic phase and at the boundary of the eutectic phase and main phase (i.e., Cu-rich phase for Ag 

wt.%<71.9 wt.%, or Ag-rich phase for Ag wt.%>71.9 wt. %). 

 

Figure 3 - 8 SEM images of microstructures for the WC nanoparticle distribution of (A.) Cu-

10Ag, (B.) Cu-20Ag, (C.)  Cu-40Ag, (D.)  Cu-50Ag, (E.)  Cu-71.9Ag (eutectic point), and (F.)  

Cu-80Ag all with 10 vol.% WC. 
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3.2.3 Al/TiC, Al/TiB2, and Al/ZrB2 nanocomposites by in situ incorporation 

The in situ synthesized Al-TiC, -ZrB2, and -TiB2 samples were scanned with X-ray 

diffraction (XRD) to confirm and ensure the purity of the reaction products. The XRD scanning 

was operated on a PANalytical Pro model with Cu Kα radiation and standard 40 kV accelerating 

voltage; the scanning angle range was 30° to 90°, and the step size was 0.05° with a scanning speed 

of 2°/min. Afterward, the samples were ground and polished with grinding paper (up to 1200 grit) 

by anhydrous ethanol (200 proof) rinsing, and their microstructures were exposed via ion milling 

(20 min under 4.5 kV with a tilt angle of 4°). Scanning electron microscopy (SEM) imaging on a 

Zeiss Supra 40KV was used to measure the in situ formed nanoparticle size under secondary 

electron (SE) and InLens modes. The volume percentage of the synthesized nanophases was 

estimated by energy dispersive spectrum (EDS) mapping (since slow in situ synthesis reaction 

dynamics controls the TiC generation process,177 all TiC volume percentages are shown with error 

bars). Detailed interfacial structures and morphologies were revealed by transmission electron 

microscopy (TEM) (FEI T20 iCorr model with a 120 kV accelerating voltage and a sample 

thickness of ~150 nm) to provide structural and configurational information for the altered thermal 

conductivity. 

Microhardness and room-temperature electrical conductivity were measured by micro-

indentation and four-point probing. For microhardness tests, the sample was cut into 5𝑚𝑚 -

diameter shapes with thicknesses > 1 𝑚𝑚, and measurements were done with a square-based 

diamond pyramid indenter on Microhardness Tester LM 800AT (100 gf applied for 10s). The 

electrical conductivity of all samples was measured using a Prometrix Omnimap RS-35 4-point 

probe station, with more than 3 measurements at each site and more than 3 sites for each sample. 

All samples were mechanically ground and polished by 1200-grit SiC paper with 200 proof 
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anhydrous ethanol, and the final thickness of the samples was between 100 µm to 200 µm, to 

guarantee a better figure of merits during the measurements 

With the XRD scanning for Al-3.68 vol.% TiC, Al-3 vol.% ZrB2, and Al-3 vol.% TiB2 in 

Figure 3 - 9, it is confirmed that the in situ Al-based nanocomposites have high-purity TiC, ZrB2, 

and TiB2 nanoparticles via this molten-salt assisted method. The nanoparticle purity can rule out 

the by-product’s effects on thermal performance. 

 

Figure 3 - 9 XRD scanning for in situ (a) Al-3.68 vol.% TiC nanocomposite, (b) Al-3 vol.% 

ZrB2 nanocomposite, and (c) Al-3 vol.% TiB2 nanocomposite. 

 

When the sizes of TiC, ZrB2, and TiB2 are analyzed in Figure 3 - 10, Figure 3 - 11, and 

Figure 3 - 12, they obey the same distribution model and have similar statistical average size: the 

diameter of TiC is ~58 nm, the diameter of ZrB2 is ~78 nm, and the diameter of TiB2 is ~44 nm. 

Since the nanoparticles are all in size range of 10 nm-100 nm, this will give similar scale effects 

on electron and phonon transport,75,178 which can significantly reduce the analysis complexity. 

Besides, as shown in Figure 3 - 9 and Figure 3 - 11, the prominent (111) plane of Al could have 

coherent or semi-coherent interfaces with (311) planes in TiC, (101) planes in ZrB2, and (100) 

planes in TiB2 (all with an interface mismatch far less than ~20%), and this common coherency 
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(as denoted by the yellow dashed lines in Figure 3 - 12)  could preclude the influence of drastically 

different interface types in thermal transport. 

 

Figure 3 - 10 High-magnification SEM imaging for in situ (a) Al-3.68 vol.% TiC nanocomposite 

(InLens mode), (b) Al-3 vol.% ZrB2 nanocomposite (combined SE and InLens mode), and (c) 

Al-3 vol.% TiB2 nanocomposite (InLens mode). 

 

 

Figure 3 - 11 Nanoparticle size statistics for in situ (a) Al-3.68 vol.% TiC nanocomposite (~58 

nm in diameter), (b) Al-3 vol.% ZrB2 nanocomposite (~78 nm in diameter), and (c) Al-3 vol.% 

TiB2 nanocomposite (~44 nm in diameter). 
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Figure 3 - 12 TEM observation of interfaces for in situ (a) Al-3.68 vol.% TiC nanocomposite, 

(b) Al-3 vol.% ZrB2 nanocomposite, and (c) Al-3 vol.% TiB2 nanocomposite; Inserted yellow 

dash lines show the energy-favorable coherent or semi-coherent interfaces. 

 

By measuring the microhardness in Figure 3 - 13 (a)-(c), reasonable linearity with 

nanophase volume percentage is observed and the increasing strength proves the samples’ good 

quality. The main reason for the different strengthening effects results from the nanoparticle 

pseudo-clustering and the ratio of coherent, semi-coherent, and incoherent interfaces, as shown in 

Figure 3 - 12. 

The measured electrical conductivity of Al-TiC, -ZrB2, and -TiB2 nanocomposites (See 

Figure 3 - 13 (d)-(f)) shows that with the incorporation of nanoparticles, aluminum’s electrical 

conductivity will decrease.2 As the electron mean free path in metals is less than or comparable to 

the measured nanoparticle sizes, the scattering of electrons at the Al-nanoparticle interface is 

inevitable.2,179 The effect of the reduced electrical conductivity will be further discussed in the 

following sections for the investigation of thermal performance of Al-based nanocomposites (in 

Section 4.2.2.1). 
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Figure 3 - 13 Microhardness for in situ (a) Al-TiC nanocomposites, (b) Al-ZrB2 

nanocomposites, and (c) Al-TiB2 nanocomposite; and room-temperature electrical resistivity for 

in situ (d) Al-TiC nanocomposite, (e) Al-ZrB2 nanocomposite, and (f) Al-TiB2 nanocomposite. 

 

3.2.4 AA7075 nanocomposites by in situ incorporation 

To guarantee the successful and accurate incorporation of nanoparticles, the elemental 

composition of AA7075 alloy system has been measured and calibrated with ICP-MS. The results 

of the element composition of the designed AA7075 and its nancomposites have been summarized 

in  Table 3 - 1. 

Table 3 - 1 The measured element composition in AA7075 alloy system 

Element Zn Mg Cu Cr Zr Mn Al 

Ratio (wt.%) 6.03±0.05 2.71 ±0.03 1.38±0.01 0.36±0.01 0.02±0.00 0.42±0.01 Bal. 
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Cast AA7075 nanocomposites: As shown in Figure 3 - 14 and Figure 3 - 15, the 

nanoparticles (TiC and TiB2) are mainly residing in or near the GB precipitates. The line scan of 

Figure 3 - 14 (b) and Figure 3 - 15 (b) confirms the co-existence of nanoparticles and the 

precipitates. Meanwhile, the XRD results Figure 3 - 14 (c) and Figure 3 - 15 (c) proves the phase 

composition in T6-heat treated cast AA7075 alloy with TiB2 and TiC nanoparticles. The similar 

nanoparticle size distribution (see Figure 3 - 14 (d) and Figure 3 - 15 (d)) could rule out the 

influence of nanoparticle size difference on the corrosion performance. 

 

Figure 3 - 14 Microstructure analysis for cast AA7075-1.5 vol.% TiB2 (cast, T6) (a) SEM 

imaging of nanoparticle-contained secondary phase; (b) EDS line-scanning for Al, Zn, Mg, Cu, 

and Ti element composition; (c) XRD; (d) TiB2 nanoparticle size distribution. 
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Figure 3 - 15 Microstructure analysis for AA7075-1.5 vol.% TiC (cast, T6) (a) SEM imaging of 

nanoparticle-contained secondary phase; (b) EDS line-scanning for Al, Zn, Mg, Cu, and Ti 

element composition; (c) XRD; (d) TiC nanoparticle size distribution. 

 

Extruded AA7075 nanocomposites As shown in Figure 3 - 16 and Figure 3 - 17, both TiC 

and TiB2 share the similar size distribution as in their cast T6 state, and refine the secondary phases 

in AA7075 (extruded, T6) to a small size. However, due to the extrusion procedure, the 

nanoparticles will be regulated in a band-like shape in a pseudo-dispersion fashion.180   
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Figure 3 - 16 Microstructure analysis for AA7075-1.5 vol.% TiB2 (extruded, T6) (a) SEM 

imaging of nanoparticle-contained secondary phase; (b) EDS line-scanning for Al, Zn, Mg, Cu, 

and Ti element composition; (c) XRD ; (d) TiB2 nanoparticle size distribution. 
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Figure 3 - 17 Microstructure analysis for AA7075-TiC (extruded, T6) (a) SEM imaging of 

nanoparticle-contained secondary phase; (b) EDS line-scanning for Al, Zn, Mg, Cu, and Ti 

element composition; (c) XRD ; (d) TiC nanoparticle size distribution. 

 

After confirming the nanoparticle size, composition, and distribution in AA7075 alloy after 

various processing, the microhardness and electrical conductivity of AA7075-1.5 vol.% TiB2 and 

AA7075-1.5 vol.% TiC have been measured for comparison (see Figure 3 - 18). For cast and 

extruded AA7075 nanocomposites, the incorporated 1.5 vol.% TiB2 and TiC nanoparticles would 

increase the microhardness by the strengthening effects and retain a reasonable lowered electrical 

conductivity. The consistent trend for cast and extruded samples confirm the good processing 

quality for the AA7075 nanocomposites used in our study. 

 

Figure 3 - 18 (a) Microhardness and (b) electrical conductivity of AA7075 (T6), AA7075-1.5 

vol.% TiB2 (T6), and AA7075-1.5 vol.% TiC (T6) by cast and extrusion. 
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3.2.5 A206 nanocomposites by in situ incorporation 

As shown in Table 3 - 2, the alloying process could give a standardized composition in our 

designed A206 and its nanocomposites. After the T4 and T6 heat treatment, the microstructure of 

A206 and A206-1.5 vol.% TiC is compared in Figure 3 - 19 (a) and Figure 3 - 20 (a). The element 

line-scan in Figure 3 - 19 (b) and Figure 3 - 20 (b) reveals the pseudo-dispersion of TiC 

nanoparticles near the Al-Cu precipitates. The GB precipitates in A206-1.5 vol.% TiC of T4 and 

T6 states also did not show a clear difference in size.  

However, when the microhardness is measured, the difference caused by heat treatments 

stands out. The microhardness of A206 (T6) is ~15 HV higher than A206 (T4), whereas A206-1.5 

vol.% TiC (T6) is ~11 HV higher than A206-1.5 vol.% TiC (T4), as shown in Figure 3 - 19 (c) 

and Figure 3 - 20 (c). When it comes to the electrical conductivity, since the aging process is 

useful to precipitate out the atomic solutes of Cu and reduce the scattering of electrons by these 

solutes,2,179 the electrical conductivity in A206 and A206-1.5 vol.% TiC of T6 state is ~2.50% and 

~3.35% higher than their T4 counterparts, respectively (see Figure 3 - 19 (d) and Figure 3 - 20 

(d)). The microhardness and electrical conductivity of A206 in T4 and T6 states also fall into the 

commercial range, which proves the good quality and consistency of our alloying methods.  

 

Table 3 - 2 The measured element composition in A206 alloy system 

Element Cu Mg Ti Mn Al 

Ratio (wt.%) 4.429±0.037 0.354±0.004 0.292±0.010 0.160±0.001 Bal. 
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Figure 3 - 19 (a) The microstructure and (b) the element line-scan of A206-1.5 vol.% TiC (T4); 

(c) the microhardness and (d) the electrical conductivity of A206 (T4) and A206-1.5 vol.% TiC 

(T4). 
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Figure 3 - 20 (a) The microstructure and (b) the element line-scan of A206-1.5 vol.% TiC (T6); 

(c) the microhardness and (d) the electrical conductivity of A206 (T6) and A206-1.5 vol.% TiC 

(T6). 

 

In section 3.2.4 and 3.2.5, the microstructure of the synthesized and processed AA7075 

and A206 nanocomposites is to show the synthesis quality via the in situ route. The detailed 

microstructural study directly linked with the functional properties would be further presented in 

Chapter 5 and Chapter 6. 
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3.3 Summary 

In this chapter, both the in situ and ex situ methods to fabricate metal matrix 

nanocomposites have been summarized, and the successful incorporation of WC, TiB2, TiC, and 

ZrB2 nanoparticles has been demonstrated.  

For the following fundamental study on the electrical, thermal, chemical, and other 

engineering properties in metallic nanocomposites, the Cu-based nanocomposites are mainly 

fabricated by an ex situ method. Due to the wettability between Cu matrix and WC nanoparticles 

(which could be tuned by alloying elements of Zn and Ag), reasonable pseudo-dispersion of WC 

into Cu-based nanocomposites is achieved.  

In comparison, Al-based nanocomposites are mainly fabricated via an in situ route, and the 

successful incorporation of nano- to submicron-scale nanoparticles like TiC, TiB2, and ZrB2 is 

achieved. This method is feasible in Al systems, given the reasonable reactivity of Al with the 

element-containing salts. The general good wettability between Al with TiC, TiB2, and ZrB2 

facilitates their dispersion. It has been further demonstrated that with the in situ synthesized Al 

nanocomposites (as master), Al alloy nanocomposites like AA7075/TiB2 and AA7075/TiC could 

be fabricated in a facile way. 

In summary, the universally feasible incorporation methods could efficiently incorporate 

nanoparticles into different metals and alloys. Generally speaking, the developed synthesis 

methods and the resultant reasonable dispersion of nanoparticles could serve a reliable basis for 

the fundamental study into the functional properties of the focused nanocomposite systems. 
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CHAPTER 4 EFFECT OF NANOPARTICLES ON 

ELECTRICAL AND THERMAL PROPERTIES OF METALS 

4.1 Experimental methods 

4.1.1 Room-temperature measurement for electrical conductivity  

The electrical conductivity of all samples was measured using a Prometrix Omnimap RS-

35 4-point probes, with more than 3 measurements at each site and more than 3 sites for each 

sample. All the samples were mechanically grinded and polished by 1200-grit SiC paper with 200 

proof anhydrous ethanol, until the surface was freshly exposed with no indents. The final thickness 

of the samples was between 100 um to 200 um, to guarantee a better figure of merits during the 

measurements on the four-point probe station. 

During the measurement, all samples were placed on a silicon wafer. The measurement 

temperature was fixed at 25°C in the clean room environments. 

 

4.1.2 Low temperature measurement for electrical performance 

All the samples were made into Hall bar shapes via wire EDM. After EDM, the samples 

were etched in the highly diluted HCl solution (0.01 mol/L) for 2 min to get rid of the possible 

heat-affected surface. After that, the sample was mechanically polished down to the required 

thickness with the pure ethanol rinsing. Then, ion-milling was used to get rid of the attached 

contaminants. These samples were measured on PPMS (Quantum Design PPMS Model-698) to 

reveal the low temperature electrical properties with a 50 mA current pump under 8 Hz under the 

helium-purged atmosphere, as illustrated in Figure 4 - 4 (b). The magnetic scanning in PPMS for 

the apparent carrier (i.e., free electron) density is in the range of ±6.0 𝑇. This can help rule out 

noise due to the high charge carrier density, while preventing possible electromigration and skin 
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effects. During the measurement, the sample electrical properties are measured from 10K up to 

300K at the speed of 2K/min; At 10K and 300K, the magnetic field is exerted from −6.0 𝑇 to 

+6.0 𝑇 isothermally. 

 

4.1.3 Measurement for thermal performance 

4.1.3.1 Heat capacity  

DSC Heat Flux Method on a Perkin DSC was used to obtain the data for metal matrix 

nanocomposites. All the samples were made into nearly cylindrical 50-100 mg pieces. The focused 

scanning temperature ramped from 0-50 ℃ by step-scan method, since room-temperature 

properties are of interests. The scanning recipe included an isothermal treatment at 0℃ for 3 

minutes (to achieve thermal relaxation), an increasing stepwise temperature scanning, and an 

isothermal treatment under 50℃ for 1 min. Each sample was characterized three times. 

 

4.1.2.2 Thermal diffusivity 

Thermal conductivity measurement is dependent on the measurement for thermal 

diffusivity as follows: 

Eq. 4 - 1 𝑘 = 𝛼 ∙ 𝑐𝑝 ∙ 𝜌  

Where 𝑘 is the thermal conductivity. 𝛼  indicates the thermal diffusivity, 𝐶𝑝  the heat 

capacity, and 𝜌 the density. The density is estimated by the law of mixture: 

Eq. 4 - 2 𝜌 ≅ 𝜌(𝑚𝑎𝑡𝑟𝑖𝑥) ∙ (1 − 𝑥) + 𝜌(𝑛𝑝) ∙ 𝑥   

Where x denotes the WC nanoparticle volume fraction. 

Laser Flash Method was used to determine α. The samples were made into rods/bars of 

high aspect ratio up to ~10:1 with lengths of 1.5-2.0 cm, as demonstrated in Figure 4 - 1. This 
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aspect ratio provided an efficient heat guide for sensitive measurement. All the measured 

temperature is normalized to < 𝑇 > by: 

Eq. 4 - 3 < 𝑇 >=
𝑇(𝑡)−𝑇0

𝑇1−𝑇0
   

Where T0 and T1 are the initial temperature and peak temperature, respectively. 

By finding the half-maximum temperature point T0.5, the tangent line at T0.5 intersects with 

the x-axis to provide the time period from the initial laser flash pulse, as shown in Figure 4 - 1. 

The diffusivity can be calculated by the relationship of: 

Eq. 4 - 4 𝛼 =
0.48𝐿2

𝜋2𝑡0.5
  

where L is the sample length. The laser’s wavelength was 1075 nm, and its pulse duration 

was 0.01 s, which is far less than the estimated thermal signal transmission time. The temperature 

sampling time interval was 0.0001 s. Each sample was characterized three times. 

 

Figure 4 - 1 (a) Illustration for thermal measurement setup; (b) The temperature curve during 

laser flash pulse and the real temperature gradient in measurements 
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4.2 Experimental results 

4.2.1 Electrical Properties  

4.2.1.1 Al-TiB2 nanocomposites  

The samples were etched by a mixture of 50 mL Poulton’s reagent, 25 mL HNO3 (aq), and 

40 mL chromic acid (0.3g/mL with distilled water) as the dye for 5-10 s 181. The etched surface 

with exposed grain sizes were analyzed under polarized light. As shown in Figure 4 - 2, with an 

increasing volume percentage of TiB2 nanoparticles, the grain size of the Al-matrix decreases from 

~1100 um in pure Al to ~80 um of Al-3 vol.% TiB2 nanocomposite. 

 

Figure 4 - 2 Grain size of Al-x vol.% TiB2 nanocomposite (x=0, 1.5, 3), with the inserted after-

etching surface of the nanocomposites. 

 

Examination of the TiB2 nanoparticle distribution in the Al matrix under low-magnification 

SEM is summarized in Figure 4 - 3 (a): It’s clear that the nanoparticles are mainly uniformly 

dispersed either in the grain boundaries or in the pseudo-clusters without significant clustering or 

agglomeration 1,107. As proof of the reasonable dispersion of TiB2 in the Al matrix, the 
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microhardness was measured on a Microhardness Tester LM800A (200Kgf with 10s dwell time), 

and the Young’s modulus was measured on an MTS Nanoindenter XP (9 measurements per sample, 

with the penetration depth into surface of 2000 nm under 45 Hz and 0.05 s-1 strain rate), as shown 

in Figure 4 - 3 (d). Since the strengthening effects of nanoparticles can be Taylor expanded for 

the low volume percentage nanocomposites, the good linearity of the microhardness and Young’s 

modulus rules out the possibility of TiB2 having a highly inhomogeneous distribution1,41. 

The chemical composition of the Al-TiB2 nanocomposite was verified through XRD on a 

PANalytical X’Pert Pro (Cu K𝛼), as summarized in Figure 4 - 3 (c). Since 1.5 vol.% TiB2 is out 

of the resolution limit of XRD, pure Al and Al-3 vol.% TiB2 were scanned for comparison. 

According to Figure 4 - 3 (c), by in-situ methods, the TiB2 is stabilized in the Al matrix with 

undetectable impurities and causes FWHM widening of the main Al (111) and (200) peaks. 

Besides, the interface of Al-TiB2 tends to be more favorable along Al (111), since it has the least 

lattice mismatch with major TiB2 planes of (100) and (001),7 shown in Figure 4 - 3 (b).  

The nanoparticle size distribution was mapped under high-magnification SEM and 

processed with ImageJ, as shown in Figure 4 - 3 (e) and (f). It is clear the in-situ TiB2 nanoparticles 

have a reasonably uniform size of ~40-60 nm in diameter, and the Al-1.5 vol.% TiB2 and Al-3 

vol.% TiB2 have the polydispersity index (PDI) of ~0.4472 and ~0.3047, respectively. 

For electrical properties, the electrical conductivity was first measured on a Four-point 

Probe under room temperature for comparison (see Figure 4 - 4 (a)). Meanwhile, the samples were 

made into Hall bar shapes via wire EDM. When EDM is done, the samples were etched in the 

highly diluted HCl solution (0.01 mol/L) for 2 min to get rid of the possible heat-affected surface. 

After that, the sample was mechanically polished down to the required thickness with the pure 

ethanol rinsing. Then, it was ion-milled to get rid of the attached contaminants. These samples 
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were measured on PPMS (Quantum Design PPMS Model-698) to reveal the low temperature 

electrical properties with a 50 mA current pump under 8 Hz under the helium-purged atmosphere, 

as illustrated in Figure 4 - 4 (b). 

 

Figure 4 - 3 (a) Low-magnification SEM images showing the TiB2 distribution in Al-1.5 vol.% 

TiB2 and Al-3 vol.% TiB2; (b) Crystal structure illustrations for Al and TiB2; (c) XRD scanning 

for pure Al and Al-3 vol.% TiB2 nanocomposites; (d) Microhardness values and Young’s moduli 

of Al-x vol.% TiB2 nanocomposites; In-situ TiB2 nanoparticle size distributions in (e) Al-1.5 

vol.% TiB2 and (f) Al-3 vol.% TiB2 (Inserted: the corresponding SEM images in InLens mode). 
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The magnetic scanning in PPMS for the apparent carrier (i.e., free electron) density is in 

the range of ±6.0 𝑇. This can help rule out noise due to the high charge carrier density, while 

preventing the possible electromigration and skin effect. During the measurement, the sample 

electrical properties are measured from 10K up to 300K at the speed of 2K/min; At 10K and 300K, 

the magnetic field is exerted from −6.0 𝑇  to +6.0 𝑇  isothermally. Then, the apparent (free) 

electron concentration and electron mobility are calculated via the equations of Eq. 4 - 5 and Eq. 

4 - 6 below:182 

Eq. 4 - 5 
𝑑𝑅𝑥𝑦

𝑑𝐵
=

1

𝑛𝑒×𝑑×𝑞𝑒
  

Eq. 4 - 6 𝜇𝑒 =
𝜎

𝑛𝑒×𝑞𝑒
 

 

Figure 4 - 4 (a) Room temperature electrical resistivity of Al-x TiB2 nanocomposites (x=0, 1.5, 

3) by four-point probe measurements; (b) Temperature dependence (10-300 K) of electrical 
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resistivity in Al-x TiB2 nanocomposites (x=0, 1.5, 3) by PPMS measurements; (c) The electron-

phonon interaction coefficient in Eq. 4 - 7. 

 

The four-point probe and PPMS results match reasonably well. With the increasing volume 

percentage of TiB2 nanoparticles in the Al matrix, electrical conductivity of Al-TiB2 decreases. 

Also, the electrical conductivity of Al-TiB2 shows a temperature dependence with clear metallic 

signatures, as summarized by Eq. 4 - 7: 

Eq. 4 - 7 ∆𝜌(𝑇) ∝ 𝑇5 × ∫
𝑥5

(𝑒𝑥−1)×(1−𝑒−𝑥)
𝑑𝑥

𝑇𝜃
𝑇
0

  

Here, 𝑇𝜃 is the Debye temperature. As shown in Figure 4 - 4 (c), with increasing TiB2 

nanoparticle volume percentage, the electron-phonon interaction coefficient increases and 

demonstrates a stronger effect of phonons on electrons when phonons are not suppressed under 

higher temperatures. This is understandable because the enhanced Young’s modulus shown in 

Figure 4 - 3 (d) imply a phonon transport enhancement by the relation of group velocity 𝑣𝑔 ∝

√
𝐸

𝜌𝑠𝑦𝑠
 (where 𝐸 denotes the Young’s modulus, and 𝜌𝑠𝑦𝑠 denotes the system density). 

However, by measuring the electron concentration (see Figure 4 - 5 (a)), though with a 

low volume percentage (<10 vol.%) of TiB2 nanoparticles, the (apparent) electron concentration 

decreases from 1.24 × 1029 𝑚−3 to 9.11 × 1028 𝑚−3 for 1.5 vol.% TiB2 and 7.66 × 1028 𝑚−3 

for 3 vol.% TiB2. In contrast, as shown in Figure 4 - 5 (c), the electron mobility shows negligible 

change at different temperatures with the increased volume of TiB2 nanoparticles. As summarized 

in Figure 4 - 5 (b), the electrical conductivity ratio with pure Al in response to temperature is 

roughly constant, except for the significant phonon-electron interaction range from 50-150K. This 

is consistent with the previous study 179. 
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By identifying the contributions of different factors to the reduction of electrical 

conductivity in the Al-TiB2 nanocomposites, the ratios are summarized in Figure 4 - 5 (d) and (e). 

The description of EMT in terms of the volume percentage of TiB2 nanoparticles is summarized 

by Eq. 4 - 8 52,183: 

Eq. 4 - 8 𝜌𝐴𝑙−𝑇𝑖𝐵2 = 𝜌𝐴𝑙 × [
1+

2𝜌𝐴𝑙
𝜌𝑇𝑖𝐵2

−2𝑓×(
𝜌𝐴𝑙
𝜌𝑇𝑖𝐵2

−1)

1+
2𝜌𝐴𝑙
𝜌𝑇𝑖𝐵2

+2𝑓×(
𝜌𝐴𝑙
𝜌𝑇𝑖𝐵2

−1)
]   

Where  𝜌𝐴𝑙−𝑇𝑖𝐵2 , 𝜌𝐴𝑙 , and 𝜌𝑇𝑖𝐵2  are the electrical resistivity for the nanocomposite, Al 

matrix, and TiB2 respectively. 𝑓  is the volume percentage of TiB2 nanoparticles in the 

nanocomposites. 

Together with the information from the XRD and grain size studies in Figure 4 - 2 and 

Figure 4 - 3, according to the Matthiessen’s Law, the contributions from grain boundaries and 

dislocations27,53 are calculated via Eq. 4 - 9 and Eq. 4 - 10, respectively: 

Eq. 4 - 9 ∆𝜌𝐺𝐵 ≅
2

3
𝛼𝑇 × Ω𝐴𝑙−𝐺𝐵 × (

2.37

𝐷
)   

Eq. 4 - 10 ∆𝜌𝑑𝑖𝑠 =

{
 
 

 
 2√3Ω𝐴𝑙−𝑑𝑖𝑠×|

𝛽×𝑐𝑜𝑠𝜃−
0.9𝜆
𝐷

𝑠𝑖𝑛𝜃
|

𝐷∙𝑏
 (𝑏𝑦 𝑋𝑅𝐷)

6Ω𝐴𝑙−𝑑𝑖𝑠 ×
𝑓×∆𝐶𝑇𝐸×∆𝑇

𝑟×𝑏×(1−𝑓)
 (𝑏𝑦 ∆𝑇)

  

Where Ω𝐴𝑙−𝐺𝐵 and Ω𝐴𝑙−𝑑𝑖𝑠 refer to the grain boundary resistance (1.9 × 10−16 Ω ∙ 𝑚2) 184 

and dislocation resistance (3.3 × 10−25 Ω ∙ 𝑚3) 185. 𝐷, r, and b are the grain size of Al, the radius 

of a TiB2 nanoparticle, and the Burgers vector for Al, respectively. In Eq. 4 - 9, the coefficient 

𝛼𝑇 = 1 +
𝑀𝐹𝑃(𝑇)

𝐷
 compensates for the temperature dependence of the electron mean free 

path.186,187 𝛽 is the peak broadening at certain peak 𝜃 under X-ray wavelength of 𝜆. ∆𝐶𝑇𝐸 is the 

mismatch between Al and TiB2, and ∆𝑇 is the temperature difference between the in-situ synthesis 

temperature and the compared temperature. 
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The electron mobility contribution is demonstrated by Eq. 4 - 11 and directly plotted with 

the experimental data in Figure 4 - 5 (a). 

Eq. 4 - 11 
1

𝜇𝑒
= ∑

1

𝜇𝑖
  

Thus, Figure 4 - 5 (d) and (e) depict the expected electrical conductivity if any one of the 

various factors act alone. According to Figure 4 - 5 (d) and (e), grain boundaries, dislocation 

resistivity, TiB2 volume percentage, and electron mobility all seem to affect the electrical 

conductivity of Al-TiB2 slightly 184,185, and the reduction in (apparent) electron concentration 

stands out. 
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Figure 4 - 5 (a) Electron concentrations in Al-x vol.% TiB2 nanocomposites (x=0, 1.5, 3); (b) 

Ratio of electrical resistivity in Al-TiB2 nanocomposites compared to pure Al; (c) Electron 

mobilities in Al-x vol.% TiB2 nanocomposites (x=0, 1.5, 3) under RT and 10 K; The 

contributions to the reduction in electrical conductivity in Al-x vol.% TiB2 nanocomposites 

(x=1.5, 3) by mechanical/structural and electronic considerations at (d)RT and (e)10K; (f) 

Illustration of electron behavior in Al-TiB2 nanocomposites. 
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Table 4 - 1 Electronic configuration near Fermi level in Al and TiB2 

Materials Structure 

Fermi Velocity 

(× 𝟏𝟎𝟔 𝒎/𝒔) 

DOS near Fermi Energy 

(𝒆𝑽−𝟏) 

Mismatch 

Al FCC 2.03 0.31 - 

TiB2 HCP - 0.16 -47% 

 

This study shows that the reduction in (apparent) electron concentration is crucial in the 

reduction of electrical conductivity of in-situ Al-TiB2 nanocomposites. In contrast to previous 

studies and research,27,53,54 this study reveals that the mechanical/configurational factors are not 

directly correlating to the electrical properties, and the electrical properties are directly influenced 

via the significant electron concentration decrease in Al-TiB2 nanocomposites. Based on this study, 

the incorporation of TiB2 nanoparticles creates defects, including interfaces and dislocations, and 

changes the preferred growth modes of Al grains 174,185. These defects create a defect density of 

states to accommodate more free electrons and to enhance lattice effects on electrons 188. These 

interfaces also have mismatches and discontinuity in Fermi velocity and density of states, as shown 

in Table 4 - 1. Both of these effects contribute to the bound states of electrons and a significant 

scattering of free electrons 189. The electron mobility is less affected because the lowered (apparent) 

electron concentration reduces the possibility of electron scattering within the MFP (especially at 

room temperature). In short, for metal matrix nanocomposites with a low volume percentage of 

nanoparticles, electron concentration and electron mobility should be decoupled for electrical 

conductivity analyses, as the direct correlation between the mechanical/configurational changes 

and the tuned electrical performance fails. This finding is important for a more rational design of 
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metal matrix nanocomposites for applications that demand both high mechanical strength and good 

electrical conductivity. 

 

4.2.1.2 Al-ZrB2 nanocomposites 

The Al-3 vol.% ZrB2 nanocomposites were prepared via an in situ molten salt assisted 

method following the reaction route below: 

3K2ZrF6+6KBF4+10Al→2KF+10KAlF4+3ZrB2 (750℃, 20 min) 

3 vol.% ZrB2 is selected for good castability of samples. The ZrB2 nanoparticle size and 

distribution in Al were studied via scanning electron microscopy (SEM), and the result is shown 

in Figure 4 - 6. It’s clear that the ZrB2 nanoparticles have a pseudo-dispersion (Figure 4 - 6 (a)) 

but without agglomeration or sintering (Figure 4 - 6 (b)).1,41 The diameter of the synthesized ZrB2 

nanoparticles is ~112 nm on average. For the grain size, the samples were etched by a mixture of 

50 mL Poulton’s reagent, 25 mL HNO3 (aq), and 40 mL chromic acid (3g/10 mL distilled water) 

as the dye for 5-10 s.181 The etched surface with exposed grain sizes were analyzed under polarized 

light. As shown in Figure 4 - 7, with the incorporation of ZrB2 nanoparticles, the grain size of the 

Al-matrix decreases from ~1100 um in pure Al to about 179 um in the Al-3 vol.% ZrB2 

nanocomposite (Figure 4 - 7 (c)). 
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Figure 4 - 6 (a) The microstructure for Al-3 vol.% ZrB2 nanocomposites; (b) The ZrB2 

nanoparticle size distribution in the Al-3 vol.% ZrB2 nanocomposites. 

 

Figure 4 - 7 The grain structure after etching for (a) pure Al and (b) Al-3 vol.% ZrB2 

nanocomposites; (c) The grain size comparison for pure Al and Al-3 vol.% ZrB2 

nanocomposites. 

 

The sample for electrical conductivity measurement was machined by wire EDM into Hall 

bar shapes with a thickness of ~100-150 um, and then measured on physical property measurement 

system (PPMS) to reveal the low temperature electrical properties with a 50 mA current pump 

under 8 Hz. The temperature scanning starts from 2K up to 300K, covering the reported possible 

ZrB2 superconductivity transition temperature.190 The magnetic scanning in PPMS for the apparent 

carrier (i.e., free electron) density and electron mobility is in the range of ±6.0 T.191 The results are 

summarized in Figure 4 - 8 to Figure 4 - 10 and Table 4 - 2, respectively. 

The electrical conductivity of pure Al and Al-3 vol.% ZrB2 nanocomposites from 2K to 

300K are summarized in Figure 4 - 8. At room temperature, the electrical resistivity of Al-3 vol.% 

ZrB2 is 4.1 uOhm-cm, larger than 2.6 uOhm-cm in pure Al. However, Al-3 vol.% ZrB2 still shows 
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characteristic metallic electron behavior following Eq. 4 - 7, as the electrical conductivity 

increases with the decreased temperature and saturates when the temperature approaches 0K.  

Moreover, when gauging the electron concentration at 2K, 10K, and 300K, it is found that 

the electron concentration has little change in both pure Al (~12 × 1028 𝑚−3) and Al-3 vol.% 

ZrB2 nanocomposites (~9 × 1028 𝑚−3). This confirms that the metallic collective behavior of 

electrons in Al-3 vol.% ZrB2 is kept. 

 

Figure 4 - 8 Electrical conductivity in pure Al and Al-3 vol.% ZrB2 nanocomposite from 2K-

300K. (Inserted: The detailed scanning for electrical conductivity from 2K to 50K) 
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Figure 4 - 9 Electron concentration of pure Al and Al-3 vol.% ZrB2 at 2K, 10K, and 300K 

 

However, when the temperature is lower, the electron mobility is higher in both pure A and 

the Al-3vol%ZrB2 materials; Furthermore, for pure Al and Al-3 vol.% ZrB2 at 2K, 10K, and 300K, 

the electron mobilities are comparable, especially when the temperature is high when the phonon 

is not suppressed. Moreover, at 2K, the electron mobility does not suffer a steep drop due to the 

possible electron localization in the Al-3 vol.% ZrB2 nanocomposites, implying that the reported 

superconductivity in ZrB2 play little role in the nanocomposites.  
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Figure 4 - 10 The electron mobility of pure Al and Al-3 vol.% ZrB2 at 2K, 10K, and 300K. 

 

When we calculated the Bloch-Grueneisen Factor in terms of the temperature-dependence 

of their electrical conductivity (See Table 4 - 2), the Al-3 vol.% ZrB2 nanocomposites have a 

higher value than pure Al, which indicates a larger electron-phonon interaction after ZrB2 

nanoparticles are introduced. 

 

Table 4 - 2 Reported Superconductivity Temperature and Measured Bloch-Grueneisen Factor 

for Al and Al-3 vol.% ZrB2
190 

Materials 

Reported Superconductivity Temp. at 0T 

K 

Bloch-Grueneisen Factor 

uOhm-cm 

Pure Al 1.2 4.26 

Al-3ZrB2 5.6 for ZrB2 6.33 
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To separate the effects from configurational and electronic contributions, the electrical 

resistivity from grain boundary and dislocation change is calculated for Al-3 vol.% ZrB2 

nanocomposites via the following Eq. 4 - 9 and Eq. 4 - 10 (the second line) 192. 

By the comparison shown in Figure 4 - 11, it is clear that, with a low volume percentage 

of ZrB2 nanoparticles in Al, the configurational contributions by changed grain boundaries and 

dislocations are not directly correlated with the reduction of electrical conductivity in the Al-3 

vol.% ZrB2 nanocomposites. It could infer that the electrical conductivity reduction is larger than 

that of the electron concentration. It indicates that the electrical performance is affected via the 

indirect effect of the configurational defects on the electron concentration and electron mobility. 

 

 

Figure 4 - 11 Comparison between the factors contributing to the reduction of electrical 

conductivity in Al-3 vol.% ZrB2 nanocomposites 

 

This study provides a quantitative study into the electrical behavior of Al-ZrB2 

nanocomposites. The 3 vol.% ZrB2 nanoparticles are synthesized in-situ in the molten Al. The 

nanoparticles are pseudo-dispersed, and the Al grains are refined. After obtaining the electrical 
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conductivity, electron mobility, and electron concentration via Hall measurement, the 

contributions to the reduced electrical conductivity from configurational (i.e., grain boundary, and 

dislocation) and electronic (i.e., electron mobility, and electron concentration) aspects are 

separated and quantitatively analyzed. It is confirmed that the altered grain boundaries and 

dislocations are not the major reason for the reduction of electrical conductivity in the Al-3 vol.% 

ZrB2 nanocomposites. The major role of the incorporated ZrB2 nanoparticles is to introduce the 

above mentioned defects that increase the phonon-electron interactions, thus leading to a 

significant decrease in (apparent) free electron concentration.193 This understanding can help 

eliminate the errors and inaccuracy from determining MMNC electrical conductivity purely by 

configurational considerations. Moreover, a quantitative determination of electronic parameters in 

Al-ZrB2 can guide the rational design in MMNC materials for electrical applications.  

 

4.2.1.3 Cu alloy nanocomposites 

WC nanoparticles were efficiently incorporated into molten copper and its alloys by a salt 

assisted incorporation method 70,194. The molten salts, including chloride salts and potassium 

aluminium fluoride helped remove the oxide layer of the metals and provided a medium for the 

nanoparticles to disperse.  

Scanning electron microscopy (SEM) on Zeiss SUPRA 40KV and Electron Dispersive 

Spectroscopy (EDS) mapping were used to characterize the samples. As shown in Figure 4 - 12, 

the nanocomposite samples contain well-dispersed WC nanoparticles of high concentrations. 

However, there are some pseudo-dispersion zones showing locally higher loadings of dispersed 

nanoparticles with nanoparticle-sparse zones, while the nanoparticles are still well separated from 

each other 195. Since the size of WC nanoparticles is about 100 - 200 nm (>10 nm), it rules out the 
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possible effects of dominant short-range atomic interaction for electrical conductivity, e.g., 

bonding reactions and solid solutions 196,197. Moreover, negligible defects (e.g., porosities) and 

impurities are observed in the samples; Other crucial factors detrimental to the electrical 

conductivity of the nanocomposites could also be eliminated for discussion. 

 

 

Figure 4 - 12 (a) SEM scanning image of WC nanoparticles of 100-200 nm in size (distributed 

and measured on silicon wafer); SEM scanning images of WC nanoparticles incorporated in (b) 

Cu/14 vol.% WC; (c) Cu-40 wt.% Zn/18 vol.% WC, and (d) Cu-60 wt.% Ag/11 vol.% WC. (the 

brighter phase is WC, all in In-Lens mode) 

 

The electrical conductivity of all samples was measured using a Prometrix Omnimap RS-

35 4-point probes, as shown in Figure 4 - 13, with more than 3 measurements at each site and 

more than 3 sites for each sample. With a higher volume percentage of WC nanoparticles, the 

electrical conductivity of the Cu, Cu-60wt.% Ag, and Cu-40 wt.% Zn nanocomposite samples 

(a) (b) 

(c) 

(d) 
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decayed significantly. For the pure Cu system, the electrical resistivity changed from 54.59 

× 106 S/m (1.83 µOhm ∙ cm) for the sample containing 0 vol.% WC, to 13.68 × 106 S/m (8.23 

µOhm ∙ cm) for the sample containing 45 vol.% WC. For the Cu-60 wt.% Ag samples, the 

electrical conductivity decreased from 41.92 × 106 S/m  (2.41 µOhm ∙ cm ) for the sample 

containing 0 vol.% WC, to 6.37 × 106 S/m (15.86 µOhm ∙ cm) for the sample containing 22 vol.% 

WC. For the Cu-40 wt.% Zn samples, the electrical conductivity changed from 16.22 × 106 S/m 

(6.18 µOhm ∙ cm) for the sample containing 0 vol.% WC, to 12.46 × 106 S/m (8.27 µOhm ∙ cm) 

for the sample containing 14.65 vol.% WC. 

 

Figure 4 - 13 Electrical conductivity for systems containing different volume percentage of WC 

for: (a) Cu; (b) Cu-60 wt.% Ag; (c) Cu-40 wt.% Zn under room temperature of 25℃ 

 

Prediction model setup It is well known that metal and metallic ceramics such as WC have 

a high concentration of (nearly) free electrons 198,199. Therefore, both material classes exhibit high 

electrical conductivity, even though the incorporated WC nanoparticles have very different atomic 

configuration. In these metallic systems, high-energy electrons near the Fermi surface (i.e.,𝜀𝐹 ±

4𝑘𝐵T by Landauer formalism 200) will greatly influence the transport phenomena, as shown in 

Figure 4 - 14. Therefore, the electron’s transport characteristics are mostly governed by strong 
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electronic interactions during interfacial scattering. These electronic interactions are normally 

about 10 to 100 times stronger than the pure thermal interactions (e.g. diffusion scattering) 201,202. 

 

Figure 4 - 14 Energy structure at the interface of metal matrix and nanoparticles, as well as the 

scattering pattern of electrons at the interface (As the drifting electrons are effective for electrical 

transport near the fermi surface, a thermostatic environment is appropriate near the Fermi level. 

The other electrons, in the energy states far from the Fermi level can be considered as “isolated” 

from the thermostatic environment.) 203 

 

Different metals (including alloy systems) have different Fermi Surface energy levels. For 

instance, copper has its Fermi Surface at 7.00 eV, whereas metallic tungsten carbide (WC) at 

22~25 eV, as shown in Table 4 - 3 204,205. Here, the Fermi energy for WC is estimated from 

previous Fermi level studies, work function measurements, and ionization energy analyses. Since 

the interaction environment can be isolated from the electrons with an energy lower than 𝜀𝐹 − 𝑘𝐵T, 

the thermostatic environment can be considered as “bathed” in a constant Fermi temperature, 

which results in 8.16 × 104 𝐾 for Cu-matrix 203,206. 
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Table 4 - 3 Electronic Properties of Cu, Zn, Ag and WC 204–206 

Material Fermi Level 𝜺𝑭 / eV Fermi Temperature 𝑻𝑭 / K 

Cu 7.00 8.16 × 104 

Zn 9.47 11.04 × 104 

Ag 5.19 6.40 × 104 

WC 22.0 ~ 27.5 - 

 

Whenever constant electric currents occur in metals, electrons will travel in a specific 

direction at dynamical equilibrium, and current density analysis can be applied. When the 

conductive WC nanoparticles are uniformly dispersed in the metal, some electrons traveling within 

the metal will certainly interact with the metal-nanoparticle interfaces. The possibility for whether 

an electron will be blocked in the thermostatic layer or transport through the nanoparticle follows 

the probability of its partition functions, as shown in Eq. 4 - 12 and Eq. 4 - 13 206. 

Eq. 4 - 12 𝜁(𝐸) = 𝑒𝑥 𝑝 (−
𝐸

𝑘𝐵𝑇
)   

Eq. 4 - 13 𝑃(𝐸) =
𝑒𝑥𝑝 (−

𝐸

𝑘𝐵𝑇
)

∑ 𝜁(𝜀)
  

Where 𝑃(𝐸) indicates the possibility for electrons to be in a certain energy state 𝐸 and 𝑇 

depicts the environmental temperature in the system.  

As implied in the equations, electron disturbance can only occur along the Fermi surface 

and is of very small magnitude for 𝜀𝐹 ± 𝑘𝐵T. Even if we consider𝜀𝐹 ± 4𝑘𝐵T, its value remains 

within a small range and can be treated as a discrete energy level (or a bandwidth of 2𝑘𝐵T~8𝑘𝐵T) 

for effective electron transport 200,206Thus, Eq. 4 - 13 can be reduced to Eq. 4 - 15. 

Eq. 4 - 14 ∑ζ(ε) = exp (−
εWC

kBT
) +

1

2𝛿kBT
∫ exp (−

εmetal+𝛿𝐸

kBT
) 𝑑𝐸

+𝛿kBT

−𝛿kBT
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 ≈ exp (−
εWC

kBT
) + exp (−

εmetal

kBT
) 

Eq. 4 - 15 𝑃(𝐸) =
𝑒𝑥𝑝(−

𝜀𝑊𝐶
𝑘𝐵𝑇

)

𝑒𝑥𝑝(−
𝜀𝑊𝐶
𝑘𝐵𝑇

)+𝑒𝑥𝑝(−
𝜀𝑚𝑒𝑡𝑎𝑙
𝑘𝐵𝑇

)
≈ 𝑒𝑥𝑝 (−

𝜀𝑊𝐶−𝜀𝑚𝑒𝑡𝑎𝑙

𝑘𝐵𝑇
) 

where εWC is the Fermi energy for WC nanoparticle, and εmetal the Fermi energy for metal 

matrix, respectively. In this sense, the possibility of electron transmission through the interface is 

governed by the energy of the system and the energy barrier it must overcome.  

Another important consideration for the model is the nanoparticle concentration. The 

concentration 𝑥 (in vol.%) will conjugate with the pure energy state probability, thus yielding a 

diffusion free energy of activation, as shown in Eq. 4 - 16.  

Eq. 4 - 16 ∆𝐸 ≈ 𝑥 ∙ (𝜀𝑊𝐶 − 𝜀𝑚𝑒𝑡𝑎𝑙) 

In other words, in this model, the WC nanoparticles can be simplified as “homogeneous” 

(uniformly distributed) or “periodically homogeneous” (pseudo-uniformly distributed) in the 

metal or alloy matrix. This implies that the conductivity can be analyzed by current density and 

electron transport. The probability for the electrons to scatter at the nanoparticle-metal interface is 

proportional to the concentration percentage (i.e., 100 ∙ 𝑥). 

Therefore, for an electron floating in a metal lattice, the theoretical electrical conductivity 

must obey the Arrhenius Relationship: 

Eq. 4 - 17 𝜎 = 𝜎0(𝑇) ∙ [𝑒𝑥𝑝 (−
𝜀𝐹−𝑊𝐶−𝜀𝐹−𝑚𝑒𝑡𝑎𝑙

𝑘𝐵𝑇𝐹
)]
𝑥

= 𝜎0(𝑇) ∙ 𝑒𝑥𝑝 (−
𝜀𝐹−𝑊𝐶−𝜀𝐹−𝑚𝑒𝑡𝑎𝑙

𝑘𝐵𝑇𝐹
∙ 𝑥)  

where TF denotes the Fermi temperature of free electrons in metals. 

By plotting the gathered experimental data in logarithmic scale, the electrical conductivity 

of nanoparticle reinforced copper and copper alloys (Cu, Cu-60 wt.% Ag, and Cu-40 wt.% Zn) is 

decaying exponentially with increasing volume fraction WC nanoparticles, as shown in Figure 4 

- 15. The fitted equations for the curves are shown in Table 4 - 4. 
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Figure 4 - 15 Electrical conductivity against nanoparticle volume percent in Cu, Cu-40 wt.% Zn, 

and Cu-60 wt.% Ag under room temperature of 25℃ 

 

  To further validate this theory, it was further tested in both low (the temperature of liquid 

N2) and high temperature environments (the temperature above Debye temperature) regarding 

electrical and thermal aspects. 

For the low temperature range, a Hall effect measurement setup was used to characterize 

the electrical conductivity of WC nanocomposites. The temperature range is 80-270 K and was 

achieved by liquid nitrogen cooling, and the temperature scanning speed was set to 0.1 K/s. The 

constant current was set as 0.05 mA (i.e., ~5 × 104  𝐴 𝑚2⁄ ) to cause an obvious voltage change in 

the experiments results. All connections are linked by silver (pure, ~1.6 uOhm-cm), which is ~10 

times more conductive than that of Cu-40 wt.% Zn and its nanocomposites. Therefore, the contact 

effect for electrical conductivity measurement minimized. During the experiment, the electron 

density in each system does not change with temperature but with the nanoparticle concentration, 

which rules out temperature-sensitive factors like thermal activation for carrier number variation. 
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The results are shown in Figure 4 - 16. (a). It is clear that for both pure Cu-40 wt.% Zn and Cu-

40 wt.% Zn/13.5 vol.% WC, with the increasing temperature, the electrical resistivity increases, 

due to the stronger lattice scattering. The typical shape memory phase change (at ~215-225 K) of 

Cu-40 wt.% Zn was resulted in a change of electrical conductivity in both samples. If the electrical 

resistivity ratio of pure and 13.5 vol.% WC-incorporated samples (i.e., the ratio of the electrical 

conductivity between 13.5 vol.% WC-incorporated samples and pure) is considereed, it’s found to 

be almost constant with a value of 0.71 ± 0.03. By applying Eq. 4 - 17, the theoretically predicted 

ratio is ~0.76, which fits the experimental observation well. The invariance of the electrical 

resistivity ratio of pure matrix and 13.5 vol.% WC nanocomposites proved the important role of 

the Fermi level mismatch in our theory. 

For the high temperature range (i.e., above Debye temperature), the Differential Scanning 

Calorimetry (DSC) was conducted for pure Cu-40 wt.% Zn and Cu-40 wt.% Zn/16 vol.% WC 

samples to obtain the electronic heat capacity change, as shown in Figure 4 - 16 (b). Since the 

Debye temperature for Cu, Zn and Ag is about -50~30 ℃, the heat capacity below 0-100 ℃ (i.e., 

273-373 K) should result in:  

Eq. 4 - 18 
𝜕𝐶𝑣𝑒

𝜕𝑇
≅
𝜋2∙𝑛𝑒̅̅̅̅ ∙𝑘𝐵

2

2𝜀𝐹
  

In this case, 
𝜕𝐶𝑣𝑒

𝜕𝑇
 for pure Cu-40 wt.% Zn system was derived as ~3.6 × 10−4 J/(g ∙ 𝐾2) 

and for Cu-40 wt.% Zn/16 vol.% as ~2.5 × 10−4 J/(g ∙ 𝐾2). By using the following predicted 

relationship: 

Eq. 4 - 19 
(
𝜕𝐶𝑣𝑒
𝜕𝑇

)
𝑛𝑝

(
𝜕𝐶𝑣𝑒
𝜕𝑇

)
𝑝𝑢𝑟𝑒

≅
(𝑛𝑒̅̅ ̅)𝑛𝑝

(𝑛𝑒̅̅ ̅)𝑝𝑢𝑟𝑒
⁄ ≈ exp (−1.86 ∙ x)  

Therefore, the theoretical calculated volume percentage of the Cu-40 wt.% Zn/16 vol.% 

WC   resulted in ~19 vol.%. This further confirmed the feasibility of our theory. 
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 (a)  (b) 

Figure 4 - 16  (a) Electrical resistivity for Cu-40 wt.% Zn and Cu-40 wt.% Zn/13.5 vol.% WC 

between 80 K and 270 K, as well as the electrical resistivity ratio between the pure and 

13.5vol.% WC samples; (b) Electronical heat capacity change above the Debye temperature for 

Cu-40 wt.% Zn and Cu-40 wt.% Zn/16 vol.% WC. 

 

Table 4 - 4 Fitted Equations for Electrical Conductivity of the nanocomposites 

(the Fermi level for alloy systems is set at the average value; 𝜎 is in unit of × 106 𝑆/𝑚) 

Matrix Fitting Equation Calculated from Equation 

Cu σ ≅ 59.18 ∙ exp (−3.95 ∙ x) σ ≅ 54.59 ∙ exp (−2.34 ∙ x) 

Cu-60 wt.% Ag σ ≅ 41.98 ∙ exp (−9.07 ∙ x) σ ≅ 41.92 ∙ exp (−5.50 ∙ x) 

Cu-40 wt.% Zn σ ≅ 15.21 ∙ exp (−1.62 ∙ x) σ ≅ 15.22 ∙ exp (−2.06 ∙ x) 

 

More importantly, by performing a Taylor expansion of the trend term (i.e., around zero 

volume percent of WC), the electrical resistivity trend could be derived, as shown in Eq. 4 - 20. 
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Eq. 4 - 20 𝜌 =
1

𝜎
=

1

𝜎0(𝑇)
∙ 𝑒𝑥𝑝 (

𝜀𝐹−𝑊𝐶−𝜀𝐹−𝑚𝑒𝑡𝑎𝑙

𝑘𝐵𝑇𝐹
∙ 𝑥) 

 = 𝜌0 ∙ [1 +
𝜀𝐹−𝑊𝐶−𝜀𝐹−𝑚𝑒𝑡𝑎𝑙

𝑘𝐵𝑇𝐹
∙ 𝑥 +

1

2
(
𝜀𝐹−𝑊𝐶−𝜀𝐹−𝑚𝑒𝑡𝑎𝑙

𝑘𝐵𝑇𝐹
∙ 𝑥)

2

+ 𝑜(𝑥2)] 

Since the size of the WC nanoparticles used in this study ranges between 100 nm - 200 nm 

in diameter, it is considered appropriate to model latter as impurities in the metal matrix. This 

simplification allows us to assume that the application of Nordheim's rule, and therefore the 

possibility to empirically determine the electrical resistivity of the system, is viable. The 

transformation of the expansion series shown in Eq. 4 - 20Eq. 4 - 13 into the standard (quasi-) 

binary system using the Nordheim formula resulted in Eq. 4 - 21. 

Eq. 4 - 21 𝜌 = 𝜌0 ∙ [1 +
𝜀𝐹−𝑊𝐶−𝜀𝐹−𝑚𝑒𝑡𝑎𝑙

𝑘𝐵𝑇𝐹
∙ 𝑥 +

1

2
(
𝜀𝐹−𝑊𝐶−𝜀𝐹−𝑚𝑒𝑡𝑎𝑙

𝑘𝐵𝑇𝐹
∙ 𝑥)

2

] 

 = 𝜌0 + 𝑘1 ∙ 𝑥 + 𝑘2 ∙ (1 − 𝑥) ∙ 𝑥 

Since Nordheim’s rule considers the potential perturbation and different scattering centers 

to determine the scattering probability using the Born approximation (see Eq. 4 - 22 and Eq. 4 - 

23), it is found highly compatible with the presented macroscopic electrical conductivity trends 

and suggests that our model for interface scattering by energy difference is valid, as shown in Eq. 

4 - 23. 

Eq. 4 - 22𝑃(𝑠𝑐𝑎𝑡𝑡𝑒𝑟𝑖𝑛𝑔) ∝ 𝑥 ∙ 𝑃(𝐴) + (1 − 𝑥) ∙ 𝑃(𝐵) = ∑ 𝑥𝑖 ∙ [(1 − 𝑥𝑖)
2 ∙ 𝑝2]𝑖  

Eq. 4 - 23 𝑝 = ∫𝜑𝑘1 ∙ (𝐸𝑝𝑖 − 𝐸𝑝) ∙ 𝜑𝑘2𝑑𝑉  

where (𝐸𝑝𝑖 − 𝐸𝑝) is the potential difference in 2 components, and 𝑝 depicts the single-

direction scattering probability density from state φk1  to φk2 . xi  is the corresponding volume 

fraction for component A or B. 
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Limitations on the new model This new model, however, has some limitations regarding 

its ability to explain the collective electron transport behavior in nanocomposites. First, one of the 

assumptions made indicates that the moving electrons can always reach an equilibrium, at which 

the electron density is not a function of space or time. This equilibrium ensures that the electrical 

conductivity is determined by the material's electron concentration (i.e., from Eq. 4 - 12 to Eq. 4 

- 17). Second, the used nanoparticle is of metallic nature, which makes Fermi energy a very 

important factor for electronic transport. This implies that, for nanocomposites containing 

dielectric nanoparticles, e.g., Al2O3, the new model’s predictions my not be satisfactory. Moreover, 

the physical explanation for this trend does not consider the effect of the nanoparticle size since 

the nanoparticle size is larger than the electron mean free path in the matrix 186. If the used 

nanoparticle is small (~10 nm 186), electron tunnelling effects etc. may play a non-negligible role 

in the material’s electronic behaviour. The interfaces shown in Figure 4 - 14 may therefore be 

invalid and the energy barrier must be viewed as a continuum. 

In summary, our study proposes the first model to predict the decaying electrical 

conductivity in copper matrices (of Cu, Cu-40 wt.% Zn, and Cu-60 wt.% Ag) containing WC 

nanoparticles with a diameter of about 100-200 nm. This model considers the electronic structure 

difference, the interface scattering, and the Nordheim equation. The new model suggests that 

scattering at the metal-nanoparticle interface in the samples with higher nanoparticle loadings will 

reduce the probability for the collective electrons to pass the electronic interfacial energy barrier. 

This results in an exponentially decaying electrical conductivity. The model is experimentally 

validated by resistivity measurements at different temperatures and electronic heat capacity 

measurements above the Debye temperature.  
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4.2.2 Thermal Properties 

4.2.2.1 Al-TiC, Al-TiB2, and Al-ZrB2 nanocomposites  

Thermal performance The thermal diffusivity (shown in Figure 4 - 17 (a)-(c)) by the laser 

flash method shows the same decaying trend as with the electrical conductivity. The thermal 

diffusivity for pure Al is ~10.5 × 10−5 𝑚2/𝑠; the value for Al-TiC nanocomposite changes to 

~8.3 × 10−5 𝑚2/𝑠 for 3.68 vol.% TiC; Al-ZrB2 nanocomposite changes to ~7.5 × 10−5 𝑚2/𝑠 

for 3 vol.% ZrB2; and Al-TiB2 nanocomposite changes to ~8.4 × 10−5 𝑚2/𝑠 for 3 vol.% TiB2. 

After scanning the heat capacity of all the nanocomposites up to the aluminum’s Debye 

temperature (see Figure 4 - 17 (d)-(f)), the room temperature heat capacity for all nanocomposites 

is extracted from the measruements and plotted in the inserted figures of Figure 4 - 17 (d)-(f). It 

is interesting to note that: at room temperature, with the increasing volume percentage of 

nanophases, the heat capacity will decrease; as the temperature increases, the heat capacity of the 

nanocomposites will surpass that of pure Al. This trend occurs because TiC, ZrB2, and TiB2 have 

much lower heat capacity than pure Al at low temperature; as the temperature goes higher, heat 

capacity in TiC, ZrB2, and TiB2 contributed by phonons will increase rapidly with thermal 

activation until it exceeds that of pure Al 73,207,208. 
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Figure 4 - 17 Room-temperature thermal diffusivity for in situ (a) Al-TiC nanocomposites, (b) 

Al-ZrB2 nanocomposites, and (c) Al-TiB2 nanocomposites; temperature scanning for the heat 

capacity in in situ (d) Al-TiC nanocomposites, (e) Al-ZrB2 nanocomposites, and (f) Al-TiB2 

nanocomposites, demonstrated by the difference with the pure Al. 

 

The nanocomposites’ room-temperature thermal conductivity is calculated and plotted in 

Figure 4 - 18 (a)-(c) with the information from thermal diffusivity and heat capacity. Pure Al has 

a thermal conductivity of ~251.01 𝑊/𝑚 ∙ 𝐾; With 3.68 vol.% TiC nanoparticles, the value is 

~190.49 𝑊/𝑚 ∙ 𝐾;  With 3 vol.% ZrB2 and 3 vol.% TiB2, it changes to ~187.83 𝑊/𝑚 ∙ 𝐾 and 

~212.28 𝑊/𝑚 ∙ 𝐾, respectively. Together with the nanoparticle sizes from Figure 3 - 11, via the 
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EMT illustrated in Figure 4 - 18 (d) and material properties from Table 4 - 5, the thermal 

conductance at the Al-TiC, Al-TiB2, and Al-ZrB2 interfaces are estimated to be ~3.89 × 108 𝑊/

𝑚2 ∙ 𝐾, ~3.44 × 108 𝑊/𝑚2 ∙ 𝐾, and ~2.60 × 108 𝑊/𝑚2 ∙ 𝐾, respectively (See Figure 4 - 19). 

 

Figure 4 - 18 Room-temperature thermal conductivity for in situ (a) Al-TiC nanocomposite, (b) 

Al-ZrB2 nanocomposite, and (c) Al-TiB2 nanocomposite (all shown with the Quasi-1D Model by 

mixing rule and Interfacial Thermal Conductance Model by EMT); (d) schematic illustration for 

Interfacial Thermal Conductance Model by EMT and the method for calculating interfacial 

thermal conductance. 
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Table 4 - 5 Wettability, room-temperature thermal conductivity, and room-temperature heat 

capacity of three different nanoparticles in this study72,73,209,210 

 

Contact 

Angle with 

Al at 𝟗𝟎𝟎℃ 

( °) 

RT Thermal 

Conductivity 

(W/m2-K) 

RT Heat Capacity 

(J/g-K) 

Sommerfeld 

Coeff. 

(mJ/mol-K2) 

Fermi Velocity 

(× 𝟏𝟎𝟓 m/s) 

Sound Velocity 

(m/s) 

TiB2 ~60 96.0 0.923 0.9 5.7 7640 

TiC ~50 36.4 ~0.60 0.68 18.3 6200 

ZrB2 ~75 53.0 ~0.45 0.65 3.2 9233 

 

Theoretical study The AMM- and DMM-predicted values for various interfacial thermal 

conductance are also summarized in Figure 4 - 19.83,86 It is clear that compared with the literature 

values, Al-AlN and Al-Al2O3 nanocomposites fit the AMM and DMM models reasonably well. 

The main cause is the lack of effective electron transport inside AlN and Al2O3 nanophases, which 

simplifies the thermal transport coupling process at Al-nanoparticle interfaces. However, for TiC, 

ZrB2, and TiB2 nanoparticles, a huge mismatch among experimental values, AMM models, and 

DMM models is observed. This discrepancy implies that a significant coupling thermal transport 

process involving electrons takes off at the Al-ceramic nanoparticle interface, given their supreme 

electrical conductivity. 

Since electron-electron (e-e) and electron-phonon (e-ph) coupled thermal transports are 

orders of magnitude more effective than pure phonon-phonon (ph-ph) coupled thermal transport 

at interfaces (as shown in Table 4 - 6), the predicted electron coupling DMM values are higher 
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than the experimental values and much higher than the expected phonon coupling AMM and 

DMM values (See Figure 4 - 19).  

 

Figure 4 - 19 Dependence of interfacial thermal conductance on matrix-nanoparticle wettability 

(i.e., interfacial interaction strength) for in situ Al-TiC, Al-ZrB2, and Al-TiB2 nanocomposites, as 

compared with other literature data.81,85 

Table 4 - 6 The typical magnitudes for interfacial thermal conductance by couplings between 

phonons and electrons 

Coupling Factors Estimated 𝒉𝒄 

Phonon-phonon (ph-ph) ~107 − 108 𝑊/𝑚2 ∙ 𝐾 

Electron-phonon (e-ph) ~108 − 109 𝑊/𝑚2 ∙ 𝐾 

Electron-Electron (e-e) ~109 − 1010 𝑊/𝑚2 ∙ 𝐾 

 

Insulating 

Particles 
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When the electronic thermal contribution in Al-TiC, Al-ZrB2, and Al-TiB2 is calculated in 

Figure 4 - 20, it is clear that Al-TiC has the highest electronic thermal transport among them. This 

difference also indicates that the electron-involved thermal transport features are more obvious at 

Al-TiC interfaces. 

 

Figure 4 - 20 Electronic thermal conductivity contribution of in situ Al-TiC, Al-ZrB2, and Al-

TiB2 nanocomposites. 

 

New model After confirming the electron’s and phonon’s roles in interfacial thermal 

transport, the next objective is to assess their heat transport characteristics quantitatively in a facile 

and accurate way. 

Microscopically, the interfacial thermal conductance is mainly determined by interfacial 

bonding strength (which can be characterized by interfacial separation energy 𝑤𝑠𝑒𝑝), effective 

bonding numbers and types,211 and the effective coupled thermal conducting paths (tuned by 

bonding characteristics)85.  
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For nanoparticles incorporated into an Al matrix, the adhesion free energy can be depicted 

as:174,212 

Eq. 4 - 24 𝐸𝑎(RT) ≅ (1 + cos(𝜃(𝑇0)) ∙ 𝛾𝐴𝑙 − ∫ 𝑆𝑖𝑛𝑡𝑒𝑟𝑓𝑎𝑐𝑒𝑑𝑇
𝑅𝑇

𝑇0
 

Where 𝜃(𝑇0) is the contact angle 𝜃 under in situ processing temperature 𝑇0 and 𝛾𝐴𝑙 is the 

liquid Al surface tension. The interface entropy change 𝑆𝑖𝑛𝑡𝑒𝑟𝑓𝑎𝑐𝑒 will be composed of vibrational, 

configurational, and fusion components, mainly determined by the solidification phase change of 

Al.212 In this sense, the matrix-dependent term ∫ 𝑆𝑖𝑛𝑡𝑒𝑟𝑓𝑎𝑐𝑒𝑑𝑇
𝑅𝑇

𝑇0
 could be treated as a constant. 

Therefore, as 𝜃 goes lower, the adhesion energy (depicting the pre-formed interfaces at 𝑇0) will be 

more prominent; when 𝐸𝑎 is larger, the interfacial interaction will effectively change to chemical 

bonds and tune the electron/phonon behavior at interfaces.79 Therefore, the magnitude of 𝐸𝑎 is a 

good assessment of bonding extent and numbers by the relationship of: 

Eq. 4 - 25 𝐸𝑎(RT) ∝ (1 + cos(𝜃(𝑇0)) ∝ N 

Where N denotes the effective bonding numbers (which are also responsible for tuning 

transport phenomena). As mentioned above (see Figure 3 - 9), the strongest XRD peaks of pure 

Al like (111) show better lattice matching with specific strong XRD peaks of TiC, ZrB2, and TiB2, 

which validates the formation of effective and stable interfacial bonding between Al and three 

ceramic nanoparticles.174 

Given that the bonding strengths for all these nanoparticles are at about the same order (~1 

J/m2), the interfacial thermal conductance can then be estimated semi-quantitatively by: 

Eq. 4 - 26 ℎ𝑐 ∝ 𝑁 ∙ 𝑤𝑠𝑒𝑝 ∝ 𝐸𝑎(𝑅𝑇) ∙ 𝑤𝑠𝑒𝑝 

The data of the expected magnitude of 𝐸𝑎(𝑅𝑇) ∙ 𝑤𝑠𝑒𝑝 is summarized in Figure 4 - 21. 

Compared with the literature, we should note that even though Al2O3 has a very high bonding 
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strength (i.e., large 𝑤𝑠𝑒𝑝) with Al, it has a poor wettability (i.e., small 𝐸𝑎); the low wettability leads 

to the low possibility for interfacial bonding 22. Further considering the insulating characteristics 

of Al2O3 (see Figure 4 - 21), the interfacial thermal conductance is not comparable to metallic 

nanoparticles (i.e., TiC, ZrB2, and TiB2), as indicated in Figure 4 - 19.84 This proves the feasibility 

of Figure 4 - 19 for interfacial thermal conductance comparison and prediction. 

 

Figure 4 - 21 The dependence of interfacial thermal conductance hc on interfacial wettability and 

separation energy; the examples are TiC, TiB2, ZrB2  (in our experimental study), Al2O3, and 

AlN (from literature values) in Al matrix. 

 

In conclusion, the thermal properties (including thermal diffusivity, heat capacity, and 

thermal conductivity) of in situ Al-TiC, Al-ZrB2, and Al-TiB2 nanocomposites are systematically 

studied. The interfacial thermal conductance between Al and these metallic ceramics are 

quantitatively determined via EMT models. Due to their electrical conductivity, the interface’s 

electronic thermal conductance is confirmed to play an important role for different ceramic 

nanoparticles in the Al-based nanocomposites. By evaluating the AMM and DMM models with 
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the different coupling transport interpretations, electrons and phonons are believed to be tuned by 

their interfacial characteristics, including wettability (showing the possible effective bonding 

number) and separation energy (showing their interaction strength). The relatively higher 

interfacial thermal conductance between Al and metallic ceramic nanoparticles like TiC is 

attributed to the more efficient interfacial electron coupling transport. For a quantitative interfacial 

thermal conductance prediction on the metal matrix nanocomposites with metallic ceramic 

nanoparticles, the interface wettability and interface separation energy are correlated to determine 

the interfacial coupling intensity and the interfacial thermal conductance, which yield a good 

match with experimental results. This understanding of interfacial thermal conductance in metal 

matrix nanocomposites into interfacial transport behavior will greatly guide the rational design of 

metal matrix nanocomposites for thermal management and heat transport applications. 

 

4.2.2.2 Cu-Ag/WC nanocomposites 

Thermal Properties of Cu-60Ag/WC Nanocomposite To determine the thermal 

conductivity of the materials, differential scanning calorimetry (DSC) and laser flash methods 

were used to measure heat capacity and thermal diffusivity, respectively (see Appendix of this 

section and Figure 4 - 1). Thermal conductivity, heat capacity, and thermal diffusivity of Cu-

60Ag/WC nanocomposites are summarized in Figure 4 - 22 (a), (b), and (c), respectively. The 

thermal conductivity witnesses a surprising enhancement to the highest 420.5 W/m∙K when the 

WC nanoparticle volume percentage approaches 10 vol.%, breaking the upper-limits of thermal 

conductivity for nanocomposites set by both the HS and Weiner models. According to Figure 4 - 

22 (b) and Figure 4 - 30 (a), the heat capacity of Cu-60Ag/WC nanocomposites shows a similar 

trend to thermal conductivity in Figure 4 - 22 (a). In light of the structural parameters (see Table 
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4 - 7) and the temperature scanning of heat capacity (see Figure 4 - 30 (b)), the heat capacity 

changes accordingly with the increased WC volume percentage because WC has a heat capacity 

between copper and silver and a higher atomic density than both. It suggests that phonons, 

originally secondary in metals or alloys, can be tuned and enhanced in the nanocomposite. It should 

be noted that WC keeps its phase composition and atomic ratio without any non-stoichiometric 

transition to WCx,
70 as shown by the X-ray pattern of the composition of Cu-60Ag and Cu-

60Ag/10 vol.% WC in Figure 4 - 22 (d). Most importantly, together with the annealing heat-

treatment results as shown in Figure 4 - 23 (a) and (b), the DSC and XRD results rule out the 

possibility of phase transition, composition change, and existence of metastable phase to tune 

thermal conductivity. 

 

Figure 4 - 22 (a) Thermal conductivities of Cu-60Ag/WC nanocomposites with different volume 

percentages of WC nanoparticles, in comparison with HS and Weiner models; (b) Heat 
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capacities at room temperature for Cu-60Ag/WC nanocomposites; (c) Thermal diffusivities of 

Cu-60Ag/WC nanocomposites by laser flash method; (d) XRD analyses and JCPDS references 

of Cu-60Ag and Cu-60Ag/10 vol.% WC nanocomposites. 

 

Figure 4 - 23 (a) Thermal conductivity and (b) thermal diffusivity of long-term annealed Cu-

60Ag and Cu-60Ag/10 vol.% WC. 

 

Electron and Phonon Contributions In metals and alloys, thermal conductivity is mainly 

determined by heat capacity (Figure 4 - 22 (b) and Figure 4 - 30 (a)) and electrical conductivity 

macroscopically. The tuned heat capacity as shown in Figure 4 - 22 (b) indicates that the 

importance of matrix-nanoparticle interactions to create more energy absorbing states. To further 

discern the possible underlying mechanisms for the unusually enhanced thermal conductivity in 

the nanocomposites with about 10 vol.% WC, it is of significance to determine the heat transport 

contributions from phonons and electrons (Figure 4 - 24 (a) and (b)), respectively, via the 

Wiedmann-Franz law,213–216 because the long-term study of transport phenomena yields the 

expressions for the thermal conductivity in the form:  

Eq. 4 - 27 𝑘 = 𝛼 ∙ 𝐶𝑝 ∙ 𝜌 = 𝑘𝑒 + 𝑘𝑝ℎ 

As shown in Eq. 4 - 27, the total thermal conductivity could also be expressed from the 

contribution of electronic thermal conductivity 𝑘𝑒 and phonon thermal conductivity 𝑘𝑝. 
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Figure 4 - 24  (a) Phononic and electronic thermal conductivity analyses for Cu-60Ag/WC 

nanocomposites; (b) Descriptive illustration for microscopic thermal transport in a metal matrix 

nanocomposite; (c) Electrical conductivities at room temperature of Cu-60Ag/WC 

nanocomposites; (d) Microhardness of Cu-60Ag/WC nanocomposites (Inserted: Young’s 

modulus of Cu-60Ag and Cu-60Ag/10 vol.% WC). 

 

Electron Contribution The electrical conductivity of the samples has been measured (see 

Appendix of this section), and the result is shown in Figure 4 - 24 (c). The Wiedemann-Franz law 

was then used to calculate the theoretical thermal contribution from electrons. Thereby, the 
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separate thermal contributions from phonons and electrons have been determined, as shown in 

Figure 4 - 24 (a). 

For electron transport analyses (i.e., 𝑘𝑒), the decrease in electrical conductivity with the 

increasing WC volume fraction (Figure 4 - 24 (c)) is associated with the scattering barriers 

imposed by the incorporated WC nanoparticles. For Cu-60Ag systems, 10 vol.% WC nanoparticles 

scattered away ~30% electrical conductivity from the pure alloy. Given the nanoparticle size of 

about 200 nm (see Figure 3 - 1), this decaying trend is inevitable because the mean free path of 

electrons as fermions are 10-100 nm in metals and alloys 179,217. 

Phonon Contribution The phononic thermal transport is governed by the following 

equation: 

Eq. 4 - 28 𝑘𝑝ℎ ≅
1

3
∙ 𝐶𝑣 ∙ 𝑣𝑔

2 ∙ 𝜏  

Where 𝑣𝑔 is the group velocity, and the average scattering time is determined by 
1

𝜏
= ∑

1

𝜏𝑖
𝑖  

including scattering from phonon-phonon, electron-phonon, mass inconsistency (e.g. fourth order 

point-defect scattering), and interfacial boundaries 44,178,218. 

First of all, for group velocity 𝑣𝑔, the addition of WC nanoparticles has a positive effect: 

by the continuum theory in solids, the group velocity can be estimated by 𝑣𝑔 = √𝐸/𝜌, 219,220 given 

the correlation in metal matrices of 𝐻𝑉 = 𝛼 ∙ 𝐸𝑚 . 219,221 A substantial enhancement in the 

microhardness (Figure 4 - 24 (d)) indicated the potential increase of the group velocity in Cu-

60Ag/10 vol.% WC nanocomposites 222. 

Second, in terms of the decreased electrical conductivity in Cu-60Ag/WC nanocomposites 

(Figure 4 - 24 (c)), this reduction in electrical conductivity can potentially reduce the phonon-

electron scattering when the highly dense electrons get scattered in the alloy matrices (i.e. 𝜏𝑒−𝑝ℎ) 

218. 
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Third, WC nanoparticles of size ~200 nm could rarely scatter phonons as point defects, 

whose frequency in metals is mostly very high (~1-10 THz 223,224) (Figure 3 - 1); this may also 

help as the advantageous prerequisite for phonon recovery. Atomically, according to other 

simulation theories, WC has a larger phononic band gap between acoustic and optical phonon 

branches, 225 which also helps minimize acoustic-optical phonon scattering (i.e. 𝜏𝑝ℎ−𝑝ℎ) of the 

nanocomposite system compared with the pure alloys 218. This also gives WC more superior and 

favorable properties over other nano-reinforcements like TiC, CrB2, etc, as demonstrated in Figure 

4 - 25 (a). Meanwhile, in comparison to other highly conductive metallic ceramics, including other 

common carbides, borides, and silicides, WC, similar to elemental tungsten, has a large Lorentz 

constant of about 77.3 mW ∙ uΩ ∙ K−2, as shown in Figure 4 - 25 (b). Since the Lorentz constant 

gives the correlation between thermal conductivity carried by electronic carriers, these 

characteristics could help restore the thermal transport in alloys and minimize the effect of reduced 

electrical conductivity on thermal conductivity (Figure 4 - 25 (b)) 226. 

 

Figure 4 - 25 (a) Atomic weight ratio between lattice bases in different nano-reinforcemenst; (b) 

Lorentz Constant of WC compared with metallic system (metal/alloy) range and other usual 

highly conductive ceramics. 
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Besides, the alloy concentration and atomic ratio in the eutectic phase of Cu-60Ag/10 

vol.% WC nanocomposite compares favorably to those of pure Cu-60Ag. The presence of WC 

nanoparticles purifies the eutectic structures and reduces the concentration variation, 16 which will 

effectively reduce the scattering from mass inconsistency of the Cu-Ag metal matrix 218 (See 

Figure 4 - 26). The high-purity Ag and Cu phases can then offer a better thermal transport. 

 

Figure 4 - 26 The eutectic phase element concentrations and atomic ratios of Cu in Ag-rich 

zones (spots 1-3) and Ag in Cu-rich zones (spots 4-6) in Cu-60Ag alloys (a) and Cu-60Ag/10 

vol.% WC (b). 
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To gain a more complete picture of possible phonon enhancement, the microstructure of 

the materials by scanning electron microscopy (SEM) with EDS mapping has been further 

charaterized. The morphological variations are shown in Figure 4 - 27. It suggests that the effect 

of WC nanoparticles on phonons by means of boundary modification 8 could also partially induce 

the unusual thermal behavior. Figure 4 - 27 (b) and (d) present a typical divorced eutectic phase 

in pure Cu-60Ag. In comparison, WC nanoparticles modified the eutectic phase morphology and 

induced ultrafine grains (with certain ultrafine twin grains in the Cu-rich phase 227) in the 

nanocomposite as shown in Figure 4 - 27 (c) and (e) (also see Figure 4 - 31 and Figure 3 - 7) 228. 

This twin-like structure will minimize the scattering effect for thermal transport, especially when 

the dispersed WC nanoparticles are also more distributed in/along the eutectic phase (Figure 4 - 

31) 107. In brief, WC nanoparticles reshape the phase structures by demolishing the clear phase 

boundary 229, introducing some ultrafine twin grains 230,231, and linking the strip-like phase 

structures 16,228,229,231 (Figure 4 - 27 (c) and (e) and Figure 4 - 31).  

 

 

Figure 4 - 27  (a) Low and high magnification SEM images for Cu-60Ag/10 vol.% WC 

nanocomposites with EDS mapping for element analysis; SEM images of surface morphology 
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after 52° tilt for (b) Cu-60Ag alloy and (c) Cu-60Ag/10 vol.% WC nanocomposite; FIB cross-

section images for (d) Cu-60Ag alloy and (e) Cu-60Ag/10 vol.% WC nanocomposite. 

 

In summary, the thermal conductivity of Cu-60Ag alloy with 10 vol.% dispersed 

nanoparticles of less-conductive tungsten carbide (WC) breaks the theoretical upper limits. As 

analyzed above, the unusual enhancement of thermal transport in Cu-60Ag by the WC 

nanoparticles is possibly attributed to the tuned phonons thermal behavior 232 by the reduction of 

scattering with WC’s supreme characteristics and the modified microstructures including phase 

composition 233 with WC nanoparticles. However, for Cu-60Ag with much less than 10 vol.% of 

WC, the thermal conductivity follows the HS model well, because the thermal transport 

enhancement by the lower volume percentage of WC cannot compensate for the more rapid 

reduction in electrical conductivity. For Cu-60Ag with a far higher volume percentage of WC than 

10 vol.%, thermal transport deterioration by defects like dislocations and dense boundaries may 

dominate phonon enhancement by WC nanoparticles. 

 

Study on Cu-x Ag/10vol%WC The nanoparticle distribution and microstructure of the Cu-

x Ag/10 vol.% WC nanocomposites are shown in Figure 3 - 8 (a) to (f). It shows that the WC 

nanoparticles are more densely dispersed into the eutectic phases near/along their boundaries. As 

illustrated in the enlarged SEM image of Figure 3 - 8 (a), no clustering or agglomeration is 

observed. 

To check if a similar phenomenon exists in other Cu-Ag systems, the thermal conductivity 

of Cu-x Ag/10 vol.% WC nanocomposites is shown in Figure 4 - 28 (a). When compared with the 

pure copper-silver alloys and their nanocomposites, Cu-60Ag/10 vol.% WC has the most unusual 
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thermal conductivity enhancement. Figure 4 - 28 (b) shows the variation of heat capacity, which 

varies with the Ag content. Due to the intermediate heat capacity of WC between Cu and Ag, the 

heat capacity ratio of the nanocomposites to their pure alloy changes. Then, according to Eq. 4 - 

27, the evolving trend in the thermal conductivities shown in Figure 4 - 28 (a) is predictable. 

As mentioned before, the electrical conductivity (Figure 4 - 28 (c)) of the Cu- x Ag/10 

vol.% WC nanocomposites has been measured (See Appendix of this section). Then, these data 

were used to calculate the phononic and electronic thermal transport with Eq. 4 - 27,234 as 

summarized in Figure 4 - 28 (e) and (f). 

For pure Cu and Ag, phonons do not contribute much to heat transportation,214 as shown 

in Figure 4 - 28 (e). Although phonons in Cu-x Ag alloys contribute to a larger fraction of thermal 

conductivity, near-eutectic alloy concentrations (71.9 wt.% of Ag) give rise to the highest ratio 

between phonon to electron thermal transport. Aside from the separate roles of electrons and 

phonons, the total thermal conductivity of Cu-60Ag is higher than that of any other concentration. 

While the 10 vol.% of dispersed WC nanoparticles attenuate the electrical conductivity in Cu-xAg 

alloys, the improved hardness, as shown in Figure 4 - 28 (d), can enhance the thermal transport 

from phonons, as depicted in Figure 4 - 28 (f). 

Also, Figure 3 - 8 would be useful to understand the microhardness trend in Figure 4 - 28 

(d), because the reasonably dense yet not linked eutectic phase with (almost) fully filled WC 

nanoparticles could give the most efficient strengthening.235 

 

Comparison to Other Metals/Alloys and Their Composites  Compared to other metals and 

alloys, including their (nano-) composites, the Cu-60Ag/10 vol.% WC nanocomposites have the 

advantages of higher mechanical properties, higher thermal conductivity, and more reasonable 
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electrical conductivity, as illustrated by Figure 4 - 29 (a) and (b). Different from most of the other 

metals, alloys, and compounds, Cu-60Ag/10 vol.% WC nanocomposites expand the range of the 

Lorentz constant to correlate electrical and thermal conductivities in metallic systems (Figure 4 - 

29 (b)). When compared with the carbon-based metal matrix nanocomposites that depend mostly 

on phonons,13,220 since the high thermal conductivity of our materials come from both electrons 

and phonons, retaining a much higher electrical conductivity is advantageous for a wider variety 

of applications. 



100 

 

 

Figure 4 - 28 (a) Thermal conductivities of Cu-x Ag alloy and Cu-x Ag/10 vol.% WC 

nanocomposites (x=10, 20, 40, 50, 60, 71.9, 80), with the yellowish zone showing the available 

pure Cu thermal conductivity; (b) Heat capacities of  Cu-x Ag alloy and Cu-x Ag/10 vol.% WC 

nanocomposites (x=10, 20, 40, 50, 60, 71.9, 80); (the green bars shows the ratio of the 

corresponding property in Cu-x Ag/10 vol.% WC nanocomposite to that in Cu-x Ag alloy) (c) 

Electrical conductivities of  Cu-x Ag alloy and Cu-x Ag/ 10 vol.% WC nanocomposites (x=10, 
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20, 40, 50, 60, 71.9, 80); (d) Mechanical properties of  Cu-x Ag alloy and Cu-x Ag/ 10 vol.% 

WC nanocomposites (x=10, 20, 40, 50, 60, 71.9, 80); (e) Phononic and electronic thermal 

conductivity analyses for Cu-x Ag alloys (x=0, 10, 20, 40, 50, 60, 71.9, 80, 100); (f) Phononic 

and electronic thermal conductivity analyses for Cu-x Ag/10 vol.% WC nanocomposites (x=0, 

10, 20, 40, 50, 60, 71.9, 80, 100). 

 

Figure 4 - 29 (a) Ashby chart of microhardness vs thermal conductivity of all major metals, 

alloys, and metal-based materials; (b) Ashby chart of electrical conductivity vs thermal 

conductivity of all major metals, alloys, and metal-based materials (with L = 24.4 ± 4.9 mW ∙

uΩ ∙ K−2 from Wiedmann-Franz Law) 

 

Summary: In conclusion, we report an unusually high thermal conductivity in Cu-

60Ag/WC nanocomposites, which is far beyond the upper bound of the interfacial models based 

on the Hashin-Shtrikman and Weiner limits. Possible mechanisms include phonon enhancement 

by a reduction in overall scattering and microstructure modification by WC nanoparticles with 

favorable thermal structures. These characteristics contribute to an unusual enhancement of 

phonon transport in Cu-60Ag by the less conductive WC nanoparticles. It has to be admitted that 
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more direct microscopic thermal analysis including 3𝜔 -method may be needed to decouple 

thermal conductivity, heat capacity and thermal diffusivity, and more deterministic theoretical 

modeling could help confirm the dominant effects from phonon enhancement. Despite of this, the 

new finding is of significance for the development and application of nanoparticle-reinforced 

metals with both superior strength and high thermal conductivity. 

 

Appendix 

Microhardness Measurement The microhardness of the samples was measured with a 

Microhardness Tester LM 800AT under 200 gf loading for 10 sec. The samples were cut into ~0.5 

cm thick plates and polished to obtain a flat surface. Each sample was characterized 10 times at 

different surface locations. The microhardness for all the samples is summarized in Figure 4 - 24 

(d) and Figure 4 - 28 (d). 

Electrical Conductivity Measurement The measurement for electrical conductivity was 

operated on a Prometrix Omnimap RS-35 under a constant temperature of ~25℃. All the samples 

were made to 100 µm thick films, which provided a reasonable Merit of Number on the machine. 

Each sample was characterized three times. The final results of the electrical conductivity testing 

are shown in Figure 4 - 24 (c) and Figure 4 - 28 (c). 

Materials’ General Characterization The scanning electron microscopy was operated on 

a Zeiss Supra 40VP SEM, with EDS mapping as an integrated part (See Figure 4 - 27 and Fig. S9). 

The SEM scanning voltage and the EDS mapping voltage were both 10 kV. The cross-section 

analyses were done with a Nova 400 Focused Ion Beam. The X-Ray Diffraction was operated on 

a Panalytical Pro to check the material composition and provide semi-quantitative values for 
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composition ratio with a Cu Kα radiation source. All the samples were made into flat pieces. Since 

it’s a metal-matrix nanocomposite, XRD peaks from 2θ=30~90° are analyzed (See Figure 4 - 22). 

 

Figure 4 - 30 (a) Volumetric specific heat capacity of Cu-xAg alloy and Cu-xAg/10 vol.% WC 

nanocomposites (x=10, 20, 40, 50, 60, 71.9, and 80); (b) Temperature dependence of heat 

capacity of Cu-xAg alloy and Cu-xAg/10 vol.% WC nanocomposites (x=10, 20, 40, 50, 60, 71.9, 

and 80). 
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Figure 4 - 31 (a) The direct ion image of the eutectic phase in a Cu-60Ag/10 vol.% WC 

nanocomposite; (b) The morphology comparison between WC-rich area and WC-deficient area 

of the eutectic phase in a Cu-60Ag/10 vol.% WC nanocomposite; (c) The schematic illustration 

of Ga+ ion imaging and the continuous dynode electron multiplier (CDEM) detecting mode. (d) 

The direct ion image of Cu-rich phase in a Cu-60Ag/10 vol.% WC nanocomposite to show local 

ultrafine twin grains and twin boundaries. 

 

If the Cu-Ag systems with Ag concentration nearest to Cu-60Ag were compared, it could 

be noted that: As shown in Figure 4 - 30, for Cu-71.9Ag (both with and without 10 vol.% WC 

nanoparticle), it has a significantly lower heat capacity than Cu-60Ag; Moreover, the innate lower 
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electrical conductivity in Cu-71.9Ag (Figure 4 - 28 (e) and (f)) also results in a lower electronic 

thermal conductivity and thus a lower total thermal conductivity.  

Second, although Cu-50Ag and Cu-60Ag have comparable heat capacity, after 

incorporating 10 vol.% WC, the heat capacity of Cu-50Ag is lower than the pure CuAg50. This 

means that the WC incorporation will not have the same effect as in the Cu-60Ag system. 

 

Table 4 - 7 Thermal properties of Cu, Ag, and WC at room temperature 236,237 

Material 

Debye Temp. 

K 

Heat Capacity 

J/(g-K) 

Thermal Cond. 

W/(m-K) 

Atomic Density 

× 𝟏𝟎𝟐𝟖 m-3 

Density 

𝐠 𝐜𝐦𝟑⁄  

Ag 221 0.233 400-450 5.02 10.7 

Cu 310 0.386 370-400 8.78 8.96 

WC - 0.292 110 9.62 15.63 

 

Considering that Eq. 4 - 27 is used to calculate thermal conductivity with heat capacity and 

thermal diffusivity, the clear difference of the heat capacity among Cu-Ag systems with Ag 

concentration near Cu-60Ag determines the different thermal conductivity change with WC 

incorporation. 

This understanding from heat capacity could further be linked to the difference in 

microstructure modification and electronic/phononic thermal contributions, as mentioned in the 
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previous sections.  This is the ultimate reason why Cu-10Ag/WC could observe the phenomenon, 

while other Cu-Ag systems may not. 

 

4.3 Summary  

In this chapter, by focusing on the electron behavior, the effects of nanoparticles on the 

electrical and thermal performances in Cu- and Al-based nanocomposites have been studied.  

First, by investigating the low-temperature electrical performance (down to 2K) of Al-

based nanocomposites (i.e., Al-TiB2 and Al-ZrB2), the effects of nanoparticles on the electron 

concentration and electron mobility have been decoupled. Given the common nanoparticle size of 

10-100 nm, the interfacial electron localization has been proposed to understand the reduced 

apparent free electron concentration. This study shows that the reduction in the (apparent) electron 

concentration is crucial for the reduction of electrical conductivity of in situ Al-TiB2 and Al-ZrB2 

nanocomposites. In contrast to previous studies and research, this study reveals that the 

mechanical/configurational factors do not directly correlate with the electrical properties, and the 

electrical properties are directly influenced via the significant electron concentration decrease in 

Al-TiB2 and Al-ZrB2 nanocomposites. Based on this study, the incorporation of TiB2 and ZrB2 

nanoparticles creates defects, including interfaces and dislocations, and changes the preferred 

growth modes of Al grains. These defects create a defect density of states to accommodate more 

free electrons and to enhance lattice effects on electrons. These interfaces also have mismatches 

and discontinuity in Fermi velocity and density of states. Both these effects contribute to the bound 

states of electrons and a significant scattering of free electrons. The electron mobility is less 

affected because the lowered (apparent) electron concentration reduces the possibility of electron 

scattering within the MFP (especially at room temperature). 
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With this understanding, the quantitative description of electrical conductivity in Al- and 

Cu-based nanocomposites have been proposed. Our study proposes the first model to predict the 

decaying electrical conductivity in copper matrices (of Cu, Cu-40 wt% Zn, and Cu-60 wt% Ag) 

containing WC nanoparticles with a diameter of about 100-200 nm. This model considers the 

electronic structure difference, the interface scattering, and the Nordheim equation. The new model 

suggests that scattering at the metal-nanoparticle interface in the samples with higher nanoparticle 

loadings will reduce the probability for the collective electrons to pass the electronic interfacial 

energy barrier. This results in an exponentially decaying electrical conductivity. By combining the 

Fermi level fluctuation at the matrix-nanoparticle interface, the relationship between electrical 

conductivity and nanoparticle volume fraction has been made clear. Further thermophysical 

observation proves the feasibility of the proposed model.  

Given the link between electron behavior, electrical conductivity, and thermal 

performances, the thermal properties (mainly thermal diffusivity and thermal conductivity) in the 

nanocomposites have been systematically investigated. Using Al-based nanocomposites (i.e., Al-

TiC, Al-TiB2, and Al-ZrB2) as the model system, the contribution from the electronic and phononic 

thermal conductance has been decoupled. How the heat capacity, thermal diffusivity, and thermal 

conductivity change with the nanoparticle volume fraction has been quantitatively determined. By 

the comparison with the AMM, DMM, and EMT models, the advantages of using metallic ceramic 

nanoparticles stands out, and an EMT model considering matrix-nanoparticle interfacial thermal 

conductance has been proposed. 

With all the understanding from electrical and thermal behavior in nanocomposites, the 

final section investigates an abnormal thermal performance in Cu-xAg/WC nanocomposites. 

Possible mechanisms for the abnormal thermal behavior include phonon enhancement by a 



108 

 

reduction in overall scattering and microstructure modification by WC nanoparticles with 

favorable thermal structures. The main evidence lies on the increased heat capacity in the Cu-

Ag/WC systems, and further experimental study compatible with nanocomposite systems (like 

3𝜔-method) could be helpful to decouple all these contributing factors. 

In brief, the study in the chapter has systematically analyzed the electron contribution in 

the electrical and thermal behavior of metal matrix nanocomposites, and has built engineering 

prediction model for the thermophysical properties in metal matrix nanocomposites (mainly Al- 

and Cu-based nanocomposites in this study). This quantitative study would be important for the 

further discussion of tuned chemical stability in these nanocomposites.  
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CHAPTER 5 EFFECT OF NANOPARTICLES ON CHEMICAL 

STABILITY OF METALS 

5.1 Experimental method  

5.1.1 Nanoparticle stability  

The nanoparticle stability is mainly studied for the industrial application of Al-TiC systems. 

Thus, the discussion for the experimental methods would be limited to Al(-Mo)-TiC and Al-Si-

TiC (including Al-Si-Mg) system. 

During the experiment, the nanoparticle stability is reflected in the nanoparticle reaction 

rate. The XRD scanning (on a PANalytical Pro model with Cu Kα radiation with standardized 

40KV accelerating voltage; the scanning angle is from 30 to 70° and then zoomed in from 35° to 

40°; the step size is 0.05°, with the scanning speed of 2°/min) together with the EDS mapping (on 

a Zeiss Supra 40KV model) was used to quantify formed intermetallic phase concentration (derived 

from the rate of nanoparticle depletion) in the systems after the chemical reaction between 

nanoparticle (here, TiC) and matrix (here, Al, Al-Mo, Al-Si, and Al-Si-Mg). 

 

5.1.2 Thermal oxidation measurement 

Similarly, the thermal oxidation process is the chemical reaction between matrix and 

oxygen (O2), and its kinetics and dynamics are a subcategory of chemical stability. Therefore, the 

study could also use the reaction rate as an index to demonstrate the anti-oxidation performance. 

In our experiments, both the pure alloy and the nanocomposite were analyzed via in situ XRD 

from room temperature to over 80% of its melting temperature of the alloy (700℃ for Cu-40 wt.% 

Zn/WC nanocomposites and 600℃ for Al-ZrB2 nanocomposites) to obtain information on matrix 

crystal plane stability, phase transition, and oxidation. 
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Further, to quantitatively analyze the anti-oxidation performance, the XRD peak intensity 

and EDS surface mapping were used to quantify the oxidized surface ratio. Since the thermal 

oxidation created various observable oxide layer structures, FIB milling (on a FEI Nova 600 

SEM/FIB System) was utilized to show the oxidation cross-section for layer properties.  

Since the Al oxidation has the unique characteristic of being self-limiting, weight gain/loss 

will be a direct index to reflect this feature. To achieve this, TGA measurement (on a Perkin Elmer 

Diamond TG/DTA model) was added to analyze the dynamic and kinetic evolution of the Al2O3 

oxide layer. The scanning temperature was set from 325K to 875K at 4K/min for 150 min (with 

13 min for isothermal keeping at 875K before cooling to guarantee the mass measurement 

stabilization) and isothermal scanning for 90 min. Each sample has been scanned for 3 times under 

each investigated condition. The results were summarized as Al2O3 weight gain and Al2O3 layer 

thickness. The air flow was set to be 30 mL/min to guarantee the enough oxygen and efficient 

heating in TGA. All the oxidation was introduced under air condition (𝑃𝑡𝑜𝑡 = 10
5 𝑃𝑎; 𝑃𝑂2 =

2.1 × 104 𝑃𝑎). 

 

5.1.3 Electrochemical measurement 

AA7075 corrosion performance The electrochemistry measurement was done on 

VersaSTAT 4 machine with graphite as counter electrode and Ag/AgCl as reference electrode.  

For intrinsic corrosion-resistance and pitting-resistance measurement, all the samples (with 

the size of 1.0 × 1.5 𝑐𝑚2) were immediately tested after the polishing and ultrasonic cleaning with 

anhydrous ethanol (200 proof). For intrinsic corrosion-resistance measurement, the freshly 

exposed sample surface was used in the experiments; the experiment was following the sequence 
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of open current potential measurement (OCP), linear polarization current measurement (LPC), and 

potentiodynamic scanning (from -0.25V v.s. OCP to 1.6V v.s. OCP, then back to 0V OCP).  

For pitting-resistance measurement, all the samples were first passivated in 70.0 wt.% 

concentrated HNO3 to form a thin homogeneous passivation Al2O3 layer for 1 min; then, the 

experiment was following the sequence of open current potential measurement (OCP), 

electrochemical impedance scanning (EIS) back and forth between 0.1 Hz and 100 KHz), linear 

polarization current measurement (LPC), and potentiodynamic scanning (from -0.25V v.s. OCP to 

1.0V v.s. OCP, then back to 0V OCP). To gauge the pitting effects on the passivation film, the 

comparison group was used, with AA7075 (T6), AA7075-TiB2 (T6), and AA7075-TiC (T6) 

samples first passivated in 70.0 wt.% concentrated HNO3 for 1min and immersed in 3.5 wt.% NaCl 

for 24 hours. After the pitting immersion, the electrochemical measurements were repeating the 

same recipe for the pitting-resistance measurements. The experiments all used aerated non-N2 

purged 3.5 wt.% NaCl solution (pH=~6.5-7) under 25℃. 

 

Figure 5 - 1 EIS corrosion measurement and sample preparation procedures. 
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With the understanding from pitting corrosion, the IGC susceptibility was also investigated 

to support the pitting observation and the proposed explanation. IGC susceptibility was gauged 

with the ASTM standards G100. All samples were degreased with 1200 proof anhydrous ethanol 

after polishing; then, they were immersed in 5 wt.% NaOH solution for 1 min, followed by the 

neutralization immersion in 30 wt.% HNO3 for 1 min; afterwards, the samples were put into the 

mixed solution with 57g/L NaCl and 10 mL/L H2O2 for 24 hours. To quantify the IGC 

susceptibility, the sample cross-section was cut open, and the IGC penetration depth was compared. 

A206 corrosion performance The evaluation of the corrosion performance has been using 

the similar techniques with AA7075 nanocomposite systems. 

For corrosion performance evaluation, the electrochemical impedance scanning technique 

was used on a VersaSTAT 4 machine with graphite as counter electrode and Ag/AgCl as reference 

electrode. All the samples (with the size of 1.0 × 1.5 𝑐𝑚2) were tested following the sequence of 

open current potential measurement (OCP) for 10 min, electrochemical impedance scanning (EIS) 

back and forth between 0.1 Hz and 100 KHz), linear polarization current measurement (LPC), and 

potentiodynamic scanning (from -0.25V v.s. OCP to 1.0V v.s. OCP, then back to 0V v.s. OCP). 

All the measurements used aerated non-N2 purged 3.5 wt.% NaCl solution (pH=~6.5-7) under 

25℃. Three kinds of surfaces have been tested and compared, namely freshly exposed surface, 

passivated surface, and immersed/pitted surface. To make passivated surface, all the samples were 

immersed in 70.0 wt.% concentrated HNO3 to form a thin homogeneous passivation Al2O3 layer 

for 1 min, and the surfaces were rinse with 200 pf anhydrous ethanol and air-dried. The quality of 

the passivated surfaces has been checked in Figure 5 - 93(using A206-TiC in T4 and T6 states as 
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an example). The immersed and pitted surface was made by immersing the passivated surface into 

3.5 wt.% NaCl for 24 hours. 

In addition, the IGC susceptibility was tested via an immersion method. All samples were 

degreased with 1200 proof anhydrous ethanol after polishing; then, they were immersed in 5 wt.% 

NaOH solution for 1 min, followed by the neutralization immersion in 30 wt.% HNO3 for 1 min; 

afterwards, the samples were put into the mixed solution of 57g/L NaCl and 10 mL/L H2O2 for 24 

hours. To quantify the IGC susceptibility, the sample cross-section was cut open, and the IGC 

penetration depth was compared. During all the solution-based tests, the liquid was larger than the 

requirements of 100 mL/cm2 for every 24 h.  

 

5.1.4 SCC determination 

SCC susceptibility is gauged with the measurement of induced crack propagation speed in 

3.5 wt.% NaCl solution (pH=~6.5-7.0) at 25 °C. All the samples have been measured with the 

double cantilever bending (DCB) method, as shown in Figure 5 - 2. Here, the AA7075 (extruded, 

T6) is used as an example, where the normal direction S-T plane is set as the crack propagation 

direction. All the extruded samples have used the same setup for SCC tests. For cast AA7075 and 

nanocomposites, since the grains have no specific orientation preference, the test direction has no 

specific requirements. 
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Figure 5 - 2 The DCB measurement setup for SCC susceptibility and the characteristic grain 

shapes in commercial AA7075 plate (extruded; T6), as well as the associated 3 directions of (S, 

T, L) 

 

For the sample preparation, all the test pieces were cut out by wire EDM to guarantee the 

precision. During the test, a BN-coated tungsten screws has been notched into the small cut 

opening notch to guarantee the same deflection distance. According to Ref. 238, the applied stress 

intensity k could be estimated by the screw-induced deflection with the equation of: 

Eq. 5 - 1 k =
𝛿∙𝐸∙ℎ∙[3ℎ∙(𝑎+0.6ℎ)2+ℎ3]0.5

4∙[(𝑎+0.6ℎ)2+ℎ2∙𝑎]
 

where 𝐸 represents the elastic module, ℎ the half specimen height, 𝑎 the crack length from 

the notched point, and 𝛿 the constant displacement at the load point. 

During the test, each piece was immersed in at least 500 mL NaCl solution. The NaCl was 

replaced every 2 days to guarantee a stable pH range of the solution; The measurement duration 

was set for the cracks to achieve 1 cm (with 30 days’ maximum time for low-stress intensity range 
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and possible through-cracking for high-stress intensity range). During this process, the reduction 

of stress intensity after the crack propagated was compensated with the negative error bar to reflect 

the values more accurately. 

After the SCC immersion test, the sample surface would be polished to exposed total crack 

trace. After the surface characterization, the two cantilevers would be torn apart, and the surface 

on the crack trace (particularly the crack tip) would be characterized with SEM and EDS to expose 

the microstructural and compositional features. 

 

5.2 Experimental results  

5.2.1 Chemical reactivity of Al-Mo/TiC nanocomposite 

Fabrication and Reaction Process During the experiments, the Al-2 vol.% TiC samples 

(hereafter, Al-TiC, from MetaLi®; the size of the TiC nanoparticles is shown in Figure 5 - 3 (a)) 

were used to add Mo to form Al-0.5 wt.% Mo-2 vol.% TiC (hereafter, Al-Mo-TiC) under 900℃. 

As the first step, 900℃ was chosen to avoid the possible Al and TiC reaction during the initial 

alloying process, because TiC is reported to be stable in molten Al at above ~810-900℃ 239. 0.5 

wt.% pure powder-form Mo (>99.9% purity from Sigma-Aldrich® with the calibrated diameter of 

~10 𝜇𝑚) was chosen by a scaling relationship to guarantee no Al-Mo intermetallic phases and full 

melting 240,241. When alloying Mo into the system, a graphite crucible was used as the container 

and pre-heated to 900±5 ℃ by a resistance furnace.  Since the Mo concentration is low, no stirring 

was introduced during the alloying process. The alloying time was set to be 10 min. When alloying 

was finished, the Al-Mo-TiC sample was cast out into a graphite mold and air-cooled. Afterward, 

the samples were re-melt at 750℃ isothermally for 1 and 4 hours to investigate the reaction process 

between Al and TiC. During the alloying process and the isothermal reaction process, to avoid 
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heavy thermal oxidation, pure argon (Ar) gas was used as the protective gas with a flow rate of 

~20 mL/min on top of the molten system.  

After obtaining the data for Al-Mo-TiC alloyed at 900℃, to further confirm the feasibility 

of stabilizing Al-TiC under industrially favorable 750℃ with Mo addition, samples of Al-Mo-TiC 

directly alloyed under 750℃ have been prepared, and the reaction process would be gauged with 

the same way as Al-Mo-TiC alloyed under 900℃. The summary of the experimental design could 

be referred to in Figure 5 - 3 (b). 

 

Figure 5 - 3 (a) Nanoparticle size distribution of TiC nanoparticles in as-received Al-TiC 

nanocomposite (Inserted: Enlarged SEM image for TiC nanoparticle pseudo-cluster under 

InLens mode); (b) Illustration of the time-sequential experiment design. 

 

After the experiments, the samples’ microhardness and electrical conductivity have been 

measured on Microhardness Tester LM 800AT (100 gf for 10s dwelling) and ResMap 4-Point 

Station, respectively. For microhardness tests, the sample was cut into 5𝑚𝑚 × 10 𝑚𝑚 shape with 

a thickness > 1 𝑚𝑚 , and the measurement was done with a square-based diamond pyramid 

indenter. When measuring electrical resistivity, four-point probing based on film resistance 
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measurement was used; all samples were mechanically thinned to be 150 𝜇𝑚 with a probing area 

of 1 𝑐𝑚 × 1 𝑐𝑚  and sat on a flat silicon wafer during the electrical measurement. For each 

measurement, three samples processed with the same condition have been prepared. Each sample 

has been measured three times; all sample surfaces have been mechanically ground using up to 

1200 grit with anhydrous ethanol (200 proof) rinsing. The mechanical properties from micropillar 

compression tests were measured on MTS Nanoindenter XP 242. Considering the ductility of pure 

Al, a 3000 nm displacement was chosen for the flat punch probe with a size of 10 µm at room 

temperature with a strain rate of 1 × 10−3 s−1. All the samples have been tested three times, and the 

characteristic engineering stress-strain curve has been shown. With the micropillar results, the 

local mechanical slip behavior of the materials could be visualized. By this method, we could more 

directly gauge Mo's influence on the interface properties of Al(Mo)-TiC before isothermal reaction 

and Al3Ti(Mo)-Al after the isothermal reaction. 

Microstructure images were taken from Zeiss Supra 40KV SEM under SE and InLens 

modes. For the nanoparticle size distribution, the enlarged SEM images were processed with 

ImageJ to obtain the TiC diameter. The sample was also etched in 1.0 M/L dilute HCl to extract 

the TiC nanoparticles, and the TiC nanoparticle suspension solution was measured with DLS 

(Dynamic Light Scattering) to confirm the size distribution. Furthermore, to reveal the Mo-

enrichment in the Al-Mo-TiC system, TEM images were taken on an FEI T20 iCorr model with 

the 120 kV accelerating voltage, with the sample thickness of ~150 nm.  

Meanwhile, the XRD scanning (on a PANalytical Pro model with Cu Kα radiation with 

standardized 40KV accelerating voltage; the scanning angle is from 30 to 70° and then zoomed in 

from 35° to 40°; the step size is 0.05°, with the scanning speed of 2°/min) together with the EDS 

mapping (on a Zeiss Supra 40KV model) was used to quantify intermetallic phase concentration 
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in the systems after the isothermal holding at 750℃. It should be noted that the time axis is all 

drawn in the square root scale to reflect the diffusion nature of the chemical reaction process at 

750℃ 239. Afterward, to validate our fundamental understanding, the Al-Mo-TiC system processed 

under 750℃ (e.g., Mo is alloyed to Al-TiC under 750℃ for 10 min) and kept isothermal under 

750℃ for the same reaction time has been used for comparison. 

Figure 5 - 4 (a) and (b) show the TiC nanoparticle pseudo-dispersion in the Al-Mo-TiC 

nanocomposite (also indicated by Figure 5 - 9). The pseudo-dispersion of TiC in the system is 

enabled by the balance among the Brownian thermal energy, van der Waals interaction, and 

interfacial energy, where TiC nanoparticles will scatter in a cluster shape without agglomeration 

1,243. The X-ray line scan in Figure 5 - 4 (c) indicates that the larger TiC nanophase has a higher 

Mo signal in the EDS mapping. This suggests that the addition of Mo does not form large dendrite-

like Al12Mo in the Al-Mo-TiC system, if in situ synthesized simultaneously 240. With the size 

distribution analysis in Figure 5 - 4 (d), it is confirmed that the TiC nanoparticles are synthesized 

mainly with a mean diameter of 116 nm, and the small bump tail from 400-500 nm corresponds to 

the Mo-coated sub-micron TiC particles (similar to the X-ray line scan result in Figure 5 - 4 (c)). 

To further confirm this observation, the TEM images in Figure 5 - 4 (e) and (f) have been 

used to reveal the bimodal size distribution in Al-Mo-TiC. In the TiC nanoparticle dense zone (as 

shown in Figure 5 - 4 (e)), the TiC nanoparticle diameter is within the range of 50-100 nm, and 

this is consistent with the size distribution by the SEM image processing and DLS measurement 

in Figure 5 - 4 (d). At the sub-micron TiC phase interface, Figure 5 - 4 (f) shows a coated 

interlayer with Mo-enrichment (as demonstrated by the X-ray line scan in Figure 5 - 4 (c)). 
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Figure 5 - 4 (a) The nanoparticle pseudo-dispersion in Al-Mo-TiC nanocomposites after 

synthesis; (b) Magnified SEM image of TiC dense zone in Al-Mo-TiC and (c) the corresponding 

EDS line scan; (d) TiC nanoparticle size distribution in Al-Mo-TiC nanocomposites; TEM image 

of nano-sized TiC particles 

 

Then, all the samples have undergone the isothermal reaction process under 750℃. As shown in 

Figure 5 - 5 (a) and (c), before held at 750℃, the Al-TiC and Al-Mo-TiC both have the TiC 

nanoparticle pseudo-clusters (with the dense zone size of ~10 um, also as evidenced by Figure 5 

- 9), with no observable Al-Ti or Al-Mo intermetallic dendrite. When maintained at 750℃ for 4 

hours, the TiC pseudo-cluster transformed into larger intermetallic pieces in both Al-TiC and Al-

Mo-TiC systems, as shown in Figure 5 - 5 (c) and (d). However, compared in Figure 5 - 5 (e), the 

intermetallic phase of Al3Ti in Al-TiC is much larger than Al3Ti(Mo) in Al-Mo-TiC. After 4h 

isothermal reaction, Al-TiC forms the intermetallic phases of size ~41.9 𝜇𝑚, whreas Al-Mo-TiC 
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only yields an intermetallic phase of size ~24.3 𝜇𝑚. The EDS scanning in Figure 5 - 5 also 

demonstrates a growth mode with reacting and piece-merging in the observed large intermetallic 

phase. 

 

Figure 5 - 5 The size of nanoparticle pseudo-cluster in (a) Al-TiC and (b) Al-Mo-TiC 

nanocomposites before chemical reaction; The intermetallic phase and the corresponding EDS 

mapping for (c) Al-TiC and (d) Al-Mo-TiC nanocomposites after 4 h holding at 750℃; (e) 

Comparison of the Al3Ti(Mo) intermetallic size in Al-TiC and Al-Mo-TiC nanocomposites after 

1h and 4h at 750℃. 

 

Except for the size of the intermetallic phases, the mechanical properties have also been 

modified with the addition of Mo. As shown in Figure 5 - 6, the compressive mechanical property 

of Al-TiC and Al-Mo-TiC after 0h (in Figure 5 - 6 (a) and (b)) and 4h isothermal reaction (i.e., at 

the matrix-intermetallic interface in Figure 5 - 6 (c) and (d)) has been compared. It could be seen 

from Figure 5 - 6 (e) that the Mo addition gives the comparable mechanical strength in Al-TiC 

before isothermal reaction. However, after 4h reaction, the advantage of the Mo addition becomes 
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clear, as the Al-Mo-TiC system could get a reasonable strengthening effect from the formed 

intermetallics, while keeping the matrix ductility. Two reasons contribute to this difference: First, 

the Mo addition gives a smaller Al3Ti(Mo) phase (Figure 5 - 5) and stronger matrix-intermetallic 

interface (see the almost defect-free interface after compression test in Figure 5 - 6 (d)); Second, 

Mo is reported to be an essential element to enhance ductility in Al-Ti intermetallics, 107,244 which 

indicates that the Mo enrichment in the formed intermetallic phases (Figure 5 - 5 (d)) could help 

minimize the brittleness and mitigate the crack propagation (Figure 5 - 10) from the bulky Al3Ti. 

Three times of pillar compression tests confirm this result. 

After the isothermal reaction process at 750 ℃ , the microhardness and electrical 

conductivity evolution are measured in Figure 5 - 7 (a) and (b), respectively. Before the isothermal 

reaction at 750℃, the Al-Mo-TiC has a higher microhardness and electrical conductivity than Al-

TiC. This difference indicates that the Mo addition is potentially strengthening the Al and TiC 

interface in a solute atom state 240 instead of directly forming the Al12Mo intermetallic phase. Also, 

since the used Mo powder is of size ~10 𝜇𝑚, the hardness increase is not from Mo particle directly, 

because single large particles (>>1 μm, as shown in Figure 5 - 4 (b), (d), and (e)) has not been 

observed, and only concentrated Mo as a coating interlayer could be found (as shown in Figure 5 

- 4 (f)).   
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Figure 5 - 6 Micropillar before and after compression tests for (a) Al-TiC with 0h isothermal 

reaction, (b) Al-Mo-TiC with 0h isothermal reaction, (c) Al-TiC after 4h isothermal reaction, and 

(d) Al-Mo-TiC after 4h isothermal reaction. (e) Engineering stress-strain curves for micropillar 

compression tests for Al-TiC and Al-Mo-TiC under 0h and 4h isothermal reaction, respectively. 

 



123 

 

With the prolonged isothermal reaction at 750℃, the microhardness of Al-Mo-TiC changes 

more rapidly and finally gets closer to Al-TiC. This is because Mo is transitioning from the Al-

TiC interfacial atom to the element in the intermetallic phase (i.e., with Al3Ti(Mo) composition), 

leading to the same intermetallic strengthening as in Al-TiC (i.e., Al3Ti); Besides, as mentioned in 

Figure 5 - 6 (c) and (d), the Mo addition could also reduce the brittleness by constantly diffusing 

and segregating into the intermetallic secondary phase, with the reaction continuing. This is also 

why a sharper microhardness decrease in Al-Mo-TiC during the isothermal reaction in Figure 5 - 

7 (a).  

 

Figure 5 - 7 (a) The microhardness and (b) the electrical resistivity of Al-Mo-TiC and Al-TiC 

nanocomposites after synthesis, 1 h holding, and 4 h holding at 750℃. 

 

For the electrical conductivity in Figure 5 - 7 (b), with the prolonged isothermal reaction, 

the electrical resistivity of both Al-TiC and Al-Mo-TiC is increased, since the formed Al3Ti(Mo) 

phase (~60 μOhm ∙ cm) 245 has a much higher electrical resistivity than TiC (~30.3 μOhm ∙ cm) 

246. Besides, as shown in Figure 5 - 5 (b) and (d), the transitional interface between the 

intermetallic Al3Ti(Mo) and Al could lead to severe electron localization, which is also 
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disadvantageous for electrical conductivity after 750℃ isothermal reaction 2,247. To compare the 

effect of Mo addition, the properties of Al-TiC and Al-Mo-TiC before the isothermal reaction and 

after the 4-hour isothermal reaction have been listed in Table 5 - 1. By this table, it should be noted 

that the compression yield strength shows the largest difference among the samples after 4h 

isothermal reaction. This is because the micropillar tests focus on the localized properties within 

~5×5 𝜇𝑚2, and the effects of the role of the local intermetallics and Al matrix’s interface would 

be enlarged or even dominant. Given the abovementioned advantages like ductility enhancement 

and superior interface by Mo addition, the compressive yield strength difference for Al-TiC and 

Al-Mo-TiC after 4h isothermal reaction would be expected. 

Later, the XRD peak intensity in Figure 5 - 8 (a) and (b) at various reaction stages together 

with the EDS element scanning is used to quantify the Al3Ti(Mo) formation rate under 750℃ in 

Figure 5 - 8 (c). As shown in Figure 5 - 8 (b), in both Al-TiC and Al-Mo-TiC systems, with the 

prolonged isothermal reaction at 750℃ , more and more TiC will be consumed to form the 

intermetallic Al3Ti(Mo) phase. However, with the Mo addition, Al-Mo-TiC has a slower TiC 

reaction rate than Al-TiC at 750℃ (see Figure 5 - 8 (c)). 

Table 5 - 1 Overall comparison of the properties of Al-TiC and Al-Mo-TiC before the 

isothermal reaction and after the 4-hour isothermal reaction 

 Reaction time Al-TiC Al-Mo-TiC 

Microhardness 

(HV) 

0 hr 30.5 ± 1.4 35.6 ± 1.8 

4 hr 29.5 ± 1.0 30.0 ± 2.1 

Compressive yield strength 

(MPa) 

0 hr 142 ± 9 145 ± 7 

4 hr 757 ± 38; brittle 150 ± 8; ductile 

Electrical resistivity 0 hr 3.57 ± 0.61 3.17 ± 0.49 
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(𝜇𝑂ℎ𝑚 ∙ 𝑐𝑚) 4 hr 4.98 ± 0.60 4.01 ± 0.17 

Intermetallic size 

(𝜇𝑚) 

4 hr 42 ± 6 24 ± 5 

 

 

Figure 5 - 8 (a) The XRD scanning for Al-TiC and Al-Mo- TiC nanocomposites after synthesis, 

and (b) The enlarged XRD images for the comparison of the peak intensity of TiC and 

Al3Ti(Mo) during the 750℃ holding in Al-Mo-TiC. (c) The TiC reaction rate at 750℃ with the 

prolonged reaction time; (d) The illustration of the effect of adding Mo on the Al-TiC reaction at 

750℃. 
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From Figure 5 - 4 (f), it could be seen that Mo forms an interlayer on the surface of TiC 

nanoparticles. This interlayer will separate the direct contact of Al and TiC, which means that 

element diffusion by Al and Ti is needed before the chemical reaction process would happen. 

Therefore, as shown in Figure 5 - 8 (c), since the reaction is a diffusion-controlled process with a 

similar enthalpy (see Table 5 - 2),239 the formation of Al3Ti through the reaction between Al (or 

Al-Mo) and TiC will be governed by: 

Eq. 5 - 2  
𝜕𝑉

𝜕𝑡
= 𝐷𝐴𝑙−𝑇𝑖𝐶 ∙

𝜕2𝑉

𝜕𝑟2
 

Where V is the characteristic volume of the formed Al3Ti, DAl−TiC  the reaction-related 

coefficient to reflect the diffusion nature of the process, and r the characteristic interlayer thickness 

of Al3Ti (or Al3Ti(Mo) for Al-Mo-TiC system). 

 

Table 5 - 2 Energy of the related chemical reactions at ~750℃ 248–250 

Reaction 

Formation Enthalpy ∆𝐇 

(KJ/mol) 

Product Gibbs Free Energy ∆𝐆 

(KJ/mol) 

Al+Ti→Al3Ti -153 -298 

Ti+C→TiC -156 -175 

 

Then, with a quasi-1D solution,  r ≅ 2√D ∙ t. Since it is in the diffusion-controlled time 

scale, it could be simplified when r ≪ R, where R (~10μm) denotes the TiC nanoparticle pseudo-

cluster size. Therefore, the growth of Al3Ti will be governed by the approximation of: 

Eq. 5 - 3 V ≅ 8πR2√D ∙ t 

We should note that this characteristic size does not consider the merging agglomerations 

of multi-piece Al3Ti (as shown in Figure 5 - 5 (c) and (d)). As mentioned above, the original TiC 
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total volume could be estimated from the visible pseudo-clusters by R (~10μm). The reaction rate 

calculated via the percentage of residual TiC to fit the trend in Figure 5 - 8 (c) will be: 

Eq. 5 - 4 ρ ≅ 1 −
𝑉

𝑉0
= 1 −

√D∙t

6R
 

Where ρ is the residual TiC content percentage in Figure 5 - 8 (c), and 𝑉0 gives the original 

TiC volume by the estimation of 
4

3
𝜋𝑅3. 

Hence, by using Eq. 5 - 4 to fit the reaction curve of Figure 5 - 8 (c), the reaction diffusion 

coefficient D in the reaction of the Al-TiC system can be determined as ~1.33 × 10−13  m
2

s⁄ , 

whereas the reaction diffusion coefficient for the Al-Mo-TiC system is only ~6.08 × 10−14  m
2

s⁄ . 

It should be noted that the calculated diffusivity is comparable to the range of the solute diffusivity 

of Mo/Ti mentioned in Ref. 251. This comparison proves that the addition of Mo, even though a 

small amount, could effectively hinder the chemical reaction by a lower diffusion rate and thus 

enhance the thermal stability at the interface of Al and TiC at 750℃.  

Furthermore, in thermally triggered chemical reaction related to Gibbs free energy as the 

stability criterion (see Table 5 - 2), the kinetics parameters (e.g., DAl−TiC here) could be used to 

extract energy-controlled dynamic terms (e.g., activation energy). In our case, after the reaction-

related coefficient of DAl−TiC  is quantified for Al-TiC and Al-Mo-TiC systems under 750℃, 

respectively, the reaction diffusion coefficient is directly related to the thermal activation with the 

Arrhenius relationship in Ref. 252 by: 

 Eq. 5 - 5 D ∝ exp (−
𝐸𝑎

𝑘𝐵∙𝑇
) 

Thus, under the same temperature (i.e., 750℃ in our case), the difference in the reaction 

diffusion coefficient of Al-Mo-TiC indicates an activation energy escalation ∆𝐸𝑎 by the slower-
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diffusing Mo addition (with ∆𝐸𝑎 ≅ 𝐸𝑑𝑖𝑓𝑓) (as illustrated in Figure 5 - 8 (d)).  𝐸𝑑𝑖𝑓𝑓 associated 

with Mo addition is estimated to be 0.069 eV. 

With this understanding, since 𝐸𝑎  is relatively insensitive to temperature, the positive 

effects from Mo addition would also be expected if Al-TiC is directly alloyed with Mo under 750℃. 

As shown in Figure 5 - 11, the reaction rate between Al and TiC after the Mo addition at 750℃ is 

comparable to Al-Mo-TiC fabricated under 900℃, still indicating a beneficial reaction suppression 

over Al-TiC systems. 

In conclusion, the addition of Mo into the Al-TiC system is advantageous for its chemical 

stability at the favorable Al processing temperature range (~750℃). With Mo addition, Mo 

increases the reaction activation energy by about 0.069 eV and introduces a lower reaction 

diffusion coefficient during the reaction between Al and TiC. During the reaction, Mo will form 

intermetallic products with Al3Ti(Mo) more slowly, thus making the intermetallic phase finer. This 

study offers a novel insight into how Mo and other suitable micro-alloying elements can help 

stabilize TiC in the aluminum melt at a more industry-favorable processing temperature. 

 



129 

 

Figure 5 - 9 Micropillars for (a) Al-TiC with 0h isothermal reaction (with arrows indicating 

defects and large TiC particles) and (b) Al-Mo-TiC with 0h isothermal reaction to show the TiC 

nanoparticle pseudo-dispersion situation. (c) The compression stress-strain curve for micropillars 

at TiC nanoparticle dense zone of Al-TiC and Al-Mo-TiC with 0h isothermal reaction. 

 

Figure 5 - 10 (a) Crack propagation mitigated at the matrix-intermetallic phase interface and 

EDS mapping for (b) Mo L peak and (c) Ti K peak for the Al-Mo-TiC micropillar in Figure 5 - 

6 (d) after compression test. 

 

Figure 5 - 11 The TiC reaction rate at 750℃ with the prolonged reaction time for Al-Mo-TiC 

with Mo addition at 750℃ for 10 min alloying and then under 750℃ isothermal reaction. 

(Inserted: the enlarged XRD images for comparing the peak intensity of TiC during the 750℃ 

holding in Al-Mo-TiC). 
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5.2.2 Chemical reactivity of Al-Si/TiC nanocomposite 

To fabricate the AlSi10Mg-2 vol.% TiC nanocomposites (hereafter, AlSi10Mg-TiC), the 

Al-3.5 vol.% TiC master (hereafter, Al-TiC) was first synthesized in situ via the previously 

reported recipe from Ref. 253,254. The dispersion and size distribution were checked before use, as 

summarized in Figure 5 - 12 (b)-(d). Then, the pure Al (with the purity >99.99%, from American 

Elements Inc.) was first melt at 850 ± 15 ℃  isothermally with a graphite crucible under Ar 

protection in an induction furnace. After 10 mins, Al-50 wt.% Si master alloy (from Belmont Inc., 

USA) was added as designed. Until the alloy was fully melt, Al-TiC master was added slowly, in 

case of the temperature drop to the Al-TiC reaction range, 176 as shown in Figure 5 - 12 (a). Pure 

Mg (with the purity >99.99%, from American Elements Inc.) was added simultaneously. 

Afterwards, the molten pool was kept for 30 min with a mechanical stirring at 100 rpm, cast into 

a permanent mold, and air-cooled. The pure AlSi10Mg, AlSi10-TiC, and AlSi10Ag-TiC (with Ag 

from Umicore Precious Metals Canada Inc., grain fine with minimum purity of 99.99%) was 

prepared via the similar route.  

In addition, previous studies have confirmed the critical influence of T6-like heat treatment 255,256. 

In our study, the similar T6 heat treatment has been conducted for all the Al-Si alloys and 

nanocomposites. 256–258 During the process, the solution treatment was carried out in a heat 

treatment furnace at 540 °C for 2 h. Then, the samples were immediately water-quenched. After 

water quenching, the samples were later artificially-aged for 12 h at 160 °C 258,259. 
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Figure 5 - 12 (a) The temperature-dependent reactive instability in Al-Si and TiC system. The 

microstructure of (b) Al-3.5 vol.% TiC master. (c) The enlarged image for the TiC morphology and (d) 

the TiC size distribution in Al-3.5 vol.% TiC master.  

 

Phase and microstructure change As shown in Figure 5 - 12 (b)-(d), the TiC nanoparticles 

are pseudo-dispersed homogeneously in the original Al-TiC master, and the average diameter of 

the TiC nanoparticles is ~121 ± 35 nm. The XRD scanning in Figure 5 - 13 also proves the good 

purity of the synthesized TiC nanoparticles. 

When looking at the products after 30 min casting process, it could be seen that an obvious 

composition difference among as-cast AlSi10Mg, Al-3.5TiC, AlSi10Mg-TiC, and AlSi10-TiC, as 

scanned by XRD in Figure 5 - 13. The pure AlSi10Mg includes the typical Si-rich eutectic peaks, 

with a little Mg2Si phases. However, for both AlSi10Mg-TiC and AlSi10-TiC, the peaks of the 
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chemical reaction product from Si and TiC stand out. No clear TiC peaks are observable, and the 

complex compounds of Al3TiSixCy (mainly Ti3SiC2) are formed. 

 

Figure 5 - 13 (a) The phase composition of as-cast AlSi10Mg alloy, AlSi10Mg-TiC nanocomposites, 

and the original Al-TiC master, and (b) the zoomed-in image of the strongest peak of TiC, Mg2Si, and 

Al3TiSixCy phases 

 

Further investigating the post-reaction microstructure in Figure 5 - 14 (a), it could be seen 

that pure AlSi10Mg is stable during the processing. Only eutectic phases with some Mg2Si of 1-

10 um in size are observable, and these eutectic phases form a network-like structure. However, 

AlSi10Mg-TiC nanocomposites show a different microstructure (see Figure 5 - 14 (b) and (c)). In 

the areas without long bulky Al3TiSixCy pieces (see Figure 5 - 14 (b)), when the initial reaction 

stage happens, the pseudo-dispersed TiC nanoparticles are attracting more Si into the area, and 

they start to merge and agglomerate. One interesting observation is that the added Mg would 

concentrate near or at the interface of these initial reaction zones (see the Mg K element mapping 

in Figure 5 - 14 (b)). On the contrast, in the areas where the bulky Al3TiSixCy pieces have already 

formed, these intermetallic pieces are dispersed into the eutectic phase zones more uniformly with 
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a length of ~10 um. Near these intermetallic-forming zones, Mg does not form Mg2Si secondary 

phase, and their solid solution into Al shows a uniform distribution (see Figure 5 - 14 (c)). It 

should also be noted that due to Si reaction, TiC nanoparticles may not have enough nucleation 

potency260, so the changed microstructures and mechanical properties would be more related to 

the formed intermetallics. 

Given the importance of the Si-TiC reaction and the resultant products, understanding how 

the more rapid TiC consumption by Si in AlSi10Mg system is needed. According to the XRD, 

microstructure analysis and other previous studies 261, for Al-Si system without Mg, the reaction 

with TiC could be summarized as: 

Eq. 5 - 6 (1+7x) Si+8TiC+29Al
850 ℃
→   7Al3Ti(Six)+Al8C7Si 

However, in AlSi10Mg-TiC system, the reaction carries a different signature. Since Mg is 

more concentrated near the initial TiC-dense zone at the initial reaction interface by diffusion (see 

Figure 5 - 14 (b)), it could be deduced that the accelerated reaction process is due to the Mg 

addition. Given the higher melting temperature of Mg2Si (~1081.4℃), this increased reaction 

speed could be sustained by the constant Si supply through the interfacial Mg2Si and the tendency 

to nucleate and precipitate, as shown in Eq. 5 - 7 and Eq. 5 - 8: 

Eq. 5 - 7 (7+x)Mg2Si+21TiC+8Al
850 ℃
→   7Ti3SiC2+Al8C7(Six) +2(7+x)Mg (Sol.) 

Eq. 5 - 8 2Mg (Sol.)+Si (Sol.)
850 ℃
→   Mg2Si (∆𝐻𝑓 < 0) 

This Mg-induced reaction is supported by the phase diagram calculation in Figure 5 - 22 

(b).259 As shown by the 10 wt.% Si contour line in Figure 5 - 22, the segregation of Mg could 

fluctuate and cross the Mg2Si range, which raises the thermal probability for the reaction 

accelerated by Mg2Si.  Particularly, the formation enthalpy associated with Eq. 5 - 8 is negative, 

indicating a favorable energy supply to help activate the chemical reaction (see Figure 5 - 21). 
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Therefore, the role of Mg would be continuously supplying reactive Mg2Si (Figure 5 - 13), 

segregating to the nucleating site near the TiC-dense zone (Figure 5 - 14 (b) Mg K peak), and 

attracting more Si to the TiC-dense zone to form the Al3Ti(SixCy) intermetallics (Figure 5 - 14 (b) 

Si K peak). The thermal stability of Ti3SiC2-like phases in Al-Si system 262 supports the proposed 

reaction mechanism. 

To prove this observation, the microstructure of as-cast AlSi10Mg-TiC (Figure 5 - 14 (b) 

and (c)) and AlSi10-TiC (Figure 5 - 14 (d) and (e)) has been further compared. Without Mg in 

AlSi10-TiC,  Figure 5 - 14 (d) shows that the reaction rate is slower, since the TiC-dense zone 

still has residual particles, and the intermediate reaction product is observable in the enlarged SEM 

image. Compared with Figure 5 - 14 (b), Si has no clear concentration into the TiC-dense zone. 

The more rapid reaction in AlSi10Mg-TiC than in AlSi10-TiC confirms the crucial role of Mg’s 

addition. 
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Figure 5 - 14The microstructure and the elemental mapping of (a) as-cast AlSi10Mg alloy, (b) and (c) 

as-cast AlSi10Mg-TiC nanocomposites, and (d) and (e) as-cast AlSi10-TiC nanocomposites. (b) and (d) 

are showing the initiation of the chemical reaction near the nanoparticle-dense zone in as-cast AlSi10Mg-

TiC and AlSi10-TiC, respectively. 

 

Mechanical property change Figure 5 - 15 (a)-(f) shows the etched morphology of as-cast 

AlSi10Mg, AlSi10Mg-TiC, and AlSi10-TiC surfaces. According to the microhardness results in 

Figure 5 - 15 (g), the AlSi10Mg-TiC system has ~7HV higher hardness than the AlSi10Mg system. 

As shown in the SEM images for the indent marks, the rapidly formed Al3Ti(SixCy) intermetallics 

contributes to this hardness increase.  
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Besides, after etching, the AlSi10Mg-TiC has long bulky Al3Ti(SixCy) intermetallic pieces 

mostly (see Figure 5 - 15 (d)), whereas the AlSi10-TiC still shows particle-dense zones with 

irregular perimeter (see Figure 5 - 15 (f)). 
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Figure 5 - 15 The etched microstructure and grain size comparison among as-cast (a) and (b) AlSi10Mg 

alloy (black arrow indicates Mg2Si phases), (c) and (d) AlSi10Mg-TiC nanocomposites (black arrow 

indicates the formed intermetallic phases), and (e) and (f) AlSi10-TiC nanocomposites (black arrow 

indicates the formed intermetallic phases); (g) The microhardness and indentation mark of as-cast 

AlSi10Mg alloy and as-cast AlSi10Mg-TiC nanocomposites. 

 

The similar observation is found in T6 heat treated samples for AlSi10Mg, AlSi10Mg-TiC, 

and AlSi10-TiC. As shown in Figure 5 - 16, after the T6 heat treatment, the eutectic phases have 

been modified into small pieces with a more regular morphology in AlSi10Mg, AlSi10Mg-TiC, 

and AlSi10-TiC. However, there exists large bulk pieces of Al3TiSixCy in AlSi10Mg-TiC, and 

Mg2Si is adjacent to these formed intermetallics (see Figure 5 - 16 (b) and Table 3 - 3). This 

observation also supports the Mg2Si-induced reaction mechanism. In comparison, though bulk 

pieces of Al3TiSixCy are also appearing in T6-heat treated AlSi10-TiC, some of the reaction 

product still keeps the irregular perimeter like the particle-dense morphology (see Figure 5 - 16 

(c)). The etched microstructure in Figure 5 - 16 (a)-(f) validates the same observation and gives 

the consistent proof to Figure 5 - 15 in as-cast state. 
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Similarly, the microhardness in Figure 5 - 17 (g) confirms the effectiveness of Mg2Si 

precipitation strengthening in AlSi10Mg and AlSi10Mg-TiC and this trend is consistent with the 

results in Figure 5 - 15 (g). 

 

Figure 5 - 16 The microstructure of (a) T6 heat-treated AlSi10Mg alloy, (b) T6 heat-treated AlSi10Mg-

TiC nanocomposites, and (c) T6 heat-treated AlSi10-TiC nanocomposites. 

Table 3 - 3 EDS elemental point scanning for locations in Figure 5 - 16 (b) for T6 heat-treated 

AlSi10Mg-TiC nanocomposites 

 

 

Location Al (wt.%) 

Mg 

(wt.%) 

Si (wt.%) Ti (wt.%) Possible compounds 

Point 1 42.32 16.31 41.17 0.20 Mg2Si 

Point 2 78.47 0.00 8.11 13.42 AlSiTi/Al3TiSixCy 
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Figure 5 - 17 The etched microstructure and grain size comparison amongT6 heat-treated (a) and (b) 

AlSi10Mg alloy (yellow arrow indicates Mg2Si phases), (c) and (d) AlSi10Mg-TiC nanocomposites 

(yellow circle indicates Mg2Si phases), and (e) and (f) AlSi10-TiC nanocomposites (yellow circle 

indicates the formed intermetallic phases); (g) The microhardness and indentation mark of T6 heat-treated 

AlSi10Mg alloy and as-cast AlSi10Mg-TiC nanocomposites. 

 

Figure 5 - 19 shows the tensile test results for the as-cast and T6 heat-treated samples of 

AlSi10Mg, AlSi10Mg-TiC, and AlSi10-TiC. We should note that the tensile properties of as-cast 

AlSi10Mg is similar to the literature values 258. For AlSi10Mg and AlSi10Mg-TiC after T6 heat 

treatment, the ductility is sacrificed in both the systems, and the strength is increased greatly by 

the T6 heat-treatment. However, the AlSi10-TiC samples have a different mechanical performance 

after the heat treatment and show a slightly increased strength and an almost doubled ductility 263.  

We should also note that the heat-treatment induced strengthening is contrary to the age-softening 

of AlSi10Mg alloys by 3D-printing 255,264, because the eutectic phases in AlSi10Mg alloys or 

nanocomposites are stable in their size and the heat treatment will not cause noticeable coarsening.  
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Figure 5 - 18 The stress-strain curve for as-cast and heat-treated AlSi10Mg, AlSi10Mg-TiC, and 

AlSi10-TiC. 

 

The fracture surface morphology is exposed in Figure 5 - 19 after the tensile tests. For pure 

AlSi10Mg, as-cast samples show partial dimples and partial brittle morphology (Figure 5 - 19a). 

After the heat treatment, the dimples become shallower yet denser, and the brittle surfaces exhibit 

more step-like serrated morphology (Figure 5 - 19b). For all the TiC-reinforced nanocomposites, 

the dimple sizes and the fracture plane sizes are all reduced. Specifically, for AlSi10Mg-TiC, the 

as-cast samples have larger brittle fracture surface, with occasional small dimples (Figure 5 - 19c). 

These features contribute to a higher strength but lower ductility than as-cast AlSi10Mg. After the 

heat treatment, the AlSi10Mg-TiC samples show similar serrated morphology, and different brittle 

fracture planes are denser (Figure 5 - 19d). Original TiC-dense zone, as well as the reaction-

introduced intermetallics, is near the fracture surface. Comparatively, as-cast AlSi10-TiC have the 
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similar brittle fracture surface to as-cast AlSi10Mg-TiC (Figure 5 - 19e). However, after the heat 

treatment, since AlSi10-TiC has less chemical reaction, the fracture surface of heat-treated AlSi10-

TiC is more ductile, and brittle surfaces are surrounded with small but dense dimples (Figure 5 - 

19f). More importantly, no large pieces of intermetallics are observable on the fracture surfaces. 

The above fractography observation is consistent with the phase and chemical composition 

analysis in the previous section and the results from AlSi10Ag-TiC (see the following section).  

 

Figure 5 - 19 The fractography images for as-cast and heat-treated AlSi10Mg, AlSi10Mg-TiC, and 

AlSi10-TiC. 

Reaction dynamics: To reveal the reaction dynamics between Si and TiC and make clear 

ofMg’s contribution, AlSi7-TiC system has been added for comparison.  

As shown in Figure 5 - 20, after the casting process, there are still TiC particles in their 

original shape and size in the AlSi7-TiC system, and the intermetallic phases are not observable. 

When the Si concentration is increased (i.e., in AlSi10-TiC), clear chemical reaction happens in 

the TiC-dense zone, and the reaction precursors are observed. However, due to the reasonable 

reaction speed, the reaction products are not agglomerating or sintering into big pieces. After 

 

(a) 

(b) 

(c) 

(d) 

(e) 

(f) 
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adding Mg in AlSi10Mg-TiC, the reaction happens even faster, and the chemical products already 

grow into big clusters. 

 

Figure 5 - 20 The reacted product near the (residual) TiC-dense zone in as-cast AlSi7-TiC, AlSi10-TiC, 

and AlSi10Mg-TiC after 30 min isothermal holding at 850℃. 

 

As summarized in Figure 5 - 21, the chemical reaction dynamics could be illustrated to 

show the effects of increasing Si and adding Mg. When Si concentration is increased, the chemical 

potential of Si in molten Al-Si is higher, and the energy needed to cross the activation energy 

barrier is compensated by the increased chemical potential. This is why AlSi10-TiC has a higher 

chemical reaction speed than AlSi7-TiC. In addition, higher Si concentration in Al-Si-Mg will 

make the intersection of the Si concentration contour line easier (See Figure 5 - 22), which raises 

the possibility of introducing meta-stable Mg2Si to the interface near TiC-dense zone. After adding 

Mg, according to Eq. 5 - 8, Mg and Si collides in the molten Al and form Mg2Si embryo to release 

heat, and this energy will lower the activation barrier directly, therefore the Si-TiC reaction will 

be facilitated by the Mg2Si formation.  



144 

 

 

Figure 5 - 21 The schematic picture to show the influence of Si concentration and Mg addition on the 

reaction dynamics between Si and TiC. 

 

Figure 5 - 22 The CALPHAD-calculated (a) pseudo-phase diagram associated with AlSi10-TiC system 

and ternary phase diagrams for (b) Al-Si-Mg system and (c) Al-Si-Ag system at 850 ℃. 

 

Guidance for new TiC-reinforced Al-Si-X composite design With the understanding of the 

reaction dynamics (see Figure 5 - 21), to fully make advantage of the incorporated TiC in the Al-

Si systems, other novel Al-Si-X (X=non-reacting element) could be potentially designed 265. Here, 

we use AlSi10Ag as a model system to prove our findings. Ag is designed to be ~0.2-0.45 wt.%, 

which is the same as the original Mg concentration. 
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Ag has the following advantages in Al-Si systems: First, Ag-Si phase diagram shows that Ag and 

Si could not form intermetallic phase via an exothermal route. Second, Since Ag and Si have 

negligible solubility into each other, the solidification process will also tend to segregate these 

elements, whose coating/interfacial layer could be favorable to TiC stability 176.   

The microstructure and phase composition results are summarized in Figure 5 - 23 and 

Figure 5 - 24, and the corresponding tensile test results are shown in Figure 5 - 25. As shown in 

Figure 5 - 23 (a), the original TiC-dense zone has the similar morphology as AlSi10-TiC 

nanocomposites, which indicates a mitigated chemical reaction compared with AlSi10Mg system. 

When analyzing the phase change by Figure 5 - 24 and Figure 5 - 13, a clearer advantage 

of adding Ag instead of Mg could be seen: Comparing the calculated Al3TiSixCy (104) crystal 

plane distance change between AlSi10-TiC and AlSi10Mg-TiC from the XRD results,266 the 

increased lattice plane distance is introduced by replacing C with Si (and a little Al). Thus, less 

crystal plane distortion indicates a less rapid chemical reaction (see Figure 5 - 24 (b)).  

Second, the energy needed for the lattice distortion during the stimulated reaction can be 

estimated from the energy stored by lattice change, which is: 

Eq. 5 - 9 ∆𝐸 = 𝐺 ∙ ∆𝑑 ∙ 𝑎2 ≅ 0.076 𝑒𝑉 

where 𝐺 and 𝑎 are the Young’s modulus and lattice parameter for Al3TiSixCy (adapted 

from Ti3SiC2), respectively. ∆𝑑 idenotes the lattice plane distance difference to that in AlSi10-TiC.  

The Mg2Si formation enthalpy is estimated to be 267: 

Eq. 5 - 10 ∆𝐻 ≅ 0.183 𝑒𝑉 

However, due to the simple phase dynamics of Ag and Si, no formation enthalpy could be 

used to trigger the faster chemical reaction.  
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Therefore, in AlSi10Mg-TiC, the formation of Mg2Si would supply the enough energy for 

both the chemical reaction activation and the final product lattice distortion by taking more Si 

atoms, whereas AlSi10Ag-TiC would be more advantageous to minimize the distortion energy and 

suppress the reaction process. 

 

Figure 5 - 23 The microstructure and the elemental mapping of (a) as-cast AlSi10Ag-TiC 

nanocomposite. (b) is showing the initiation of the chemical reaction near the nanoparticle-dense zone in 

as-cast AlSi10Ag-TiC (yellow arrow: TiC-dense zone; blue arrow: Formed Al3TiSixCy pieces). 

 

The reaction control effect by Ag could be clearer when investigating the tensile properties: 

Based on the tensile properties between as-cast and heat-treated AlSi10Ag-TiC samples in Figure 

5 - 25, it is clear that the heat treatment is promoting the ductility (if further comparing the fracture 

surface morphology in Figure 5 - 26), while increasing the strength slightly. This mechanical 

behavior, as well as the fractography change by the same heat treatment, is also similar to that of 

AlSi10-TiC, and different with AlSi10Mg-TiC (see Figure 5 - 18 and Figure 5 - 25). Given the 

similar mechanical property change and microstructure evolution, it could be seen that Ag addition 

to Al-Si system will alleviate the Si-TiC chemical reaction, and this observation proves our theory 

on the chemical reaction dynamics in Figure 5 - 21. 



147 

 

 

Figure 5 - 24 (a) The phase composition of as-cast AlSi10Ag-TiC nanocomposite. (b) The calculated 

crystal plane distance for Al3TiSixCy (104) in as-cast AlSi10Ag-TiC, AlSi10-TiC, and AlSi10Mg-

TiC.261,268 
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Figure 5 - 25 (a) The stress-strain curve for as-cast and heat-treated AlSi10Ag-TiC; (b) and (c) The 

etched microstructure and grain size comparison of as-cast AlSi10Ag alloy (black arrow indicates the 

formed intermetallic phases; blue arrow indicates the TiC-dense zone). 

 

As the results indicate a promising processing route by changing Mg to Ag, other elements 

sharing the similar characteristics to Ag (e.g., Bi which is immiscible to Si; Zn, Be, Au, and Sn 

which have no complex intermetallic phase and minimal solubility with Si) could potentially be 

used to fabricate the stable Al-Si nanocomposites with TiC. This understanding would be 

important for the rational design to gain the benefits from Al-Si alloy and nano-reinforcements 

like TiC. 

 

 

Figure 5 - 26 The fractography images for as-cast and heat-treated AlSi10Ag-TiC. 

 

5.2.3 Thermal oxidation of Naval Brass/WC nanocomposite 

As-cast Cu-40 wt.% Zn/WC nanocomposites were prepared via a salt-assisted stirring 

method.41,70 For comparison, nanocomposites with 10 vol.% WC were made to balance the 

enhanced mechanical properties and decreased electrical conductivity, according to a previous 

study 41. Besides, this volume percentage of WC nanoparticles is chosen, because it can help make 

the differences in properties stand out and satisfy the measurement resolution requirements (e.g., 
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XRD has certain detectable limit). Then, both the pure alloy and the nanocomposite were analyzed 

via in situ XRD from room temperature to 700℃ (~80% melting temperature of the alloy) to obtain 

information on phase transition and oxidation, as shown in Figure 5 - 27. For phase transitions, 

DSC (PerkinElmer) was also used to obtain the detailed phase evolution from 200 to 600℃ at a 

constant speed of 7.5℃/s. At the same time, the oxidation rate was quantitatively analyzed with 

the surface ZnO concentration under different temperatures with energy dispersive scanning (EDS, 

Zeiss Supra 40VP) and XRD peak intensity 269. Furthermore, the microstructures of as-cast Cu-40 

wt.% Zn and Cu-40 wt.% Zn/10 vol.% were characterized with SEM imaging (Zeiss Supra 40VP), 

and FIB milling (Nova 600 Focused Ion Beam) was used to expose the morphology and reveal the 

inner structure and layer configuration before and after thermal oxidation. Surface profiles were 

collected via Wyko NT3300 Optical Profile at an area scale of 1.234 um × 0.939 um. 

 

Figure 5 - 27 (a) Temperature curve during the in situ XRD scanning; (b) Phase diagram of Cu-

Zn system with the range of our study. 

 

Microstructure The microstructure for as-cast Cu-40 wt.% Zn/10 vol.% WC 

nanocomposite is shown in Figure 5 - 28. Based on the energy balance of WC nanoparticles in Cu 

and Zn systems, pseudo-dispersion (i.e., the nanoparticles’ tendency to form denser and sparser 

(a) (b) 
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areas with no agglomeration or cluster, as indicated in Figure 5 - 28 (b) and (c)) is expected.41 

Since 10 vol.% WC is reasonably dense, the choice of this volume percentage can minimize the 

local property fluctuations in our samples. The curtain-like morphology in Figure 5 - 28 is mainly 

due to the scattering and impedance of the focused ion beam by WC. 

 

 

Figure 5 - 28 SEM images for WC nanoparticle dispersion in as-cast Cu-40 wt.% Zn/10 vol.% 

WC nanocomposites: (a) Low magnification; (b) Large magnification to show the pseudo-

dispersion condition; (c) FIB image for embedded WC nanoparticles dispersed inside Cu-40wt.% 

Zn matrix. (the brighter phase is nanoparticles) 

 

The in situ XRD results for Cu-40 wt.% Zn and Cu-40 wt.% Zn/10 vol.% WC systems are 

shown in Figure 5 - 29 and Figure 5 - 30, respectively, with a focus on room temperature (25℃), 

100℃, 200℃, 300℃, 400℃, 430℃, 470℃, 500℃, 600℃, and 700℃. Summarized in Figure 5 

- 31 with XRD peak and EDS mapping information, the oxidation rate is also analyzed. After 

incorporating WC nanoparticles into Cu-40 wt.% Zn alloy, the 𝛾 → 𝛽′ transition temperature is 

elevated from below 300℃ to above 300℃, and the 𝛽′ → 𝛽  transition temperature is also 

increased above  470℃ (see Figure 5 - 29 (c), Figure 5 - 30 (c), and Figure 5 - 32). Moreover, 

the oxidation of Cu-40 wt.% Zn is also delayed from ~430-470℃ (the same range as the 𝛽′ → 𝛽 

(a) (b) (c) 
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transition 270) to above 500℃ (the XRD peak for 𝛽′ doesn’t disappear even after 500℃ in Cu-40 

wt.% Zn/10 vol.% WC nanocomposite in Figure 5 - 30 (c) 271). The surface patterns after oxidation 

are compared in Figure 5 - 33. The average profile roughness of Cu-40 wt.% Zn/ 10 vol.% WC 

nanocomposite is measured to be 990 nm (about half of the oxide thickness), much smaller than 

that of Cu-40 wt.% Zn alloy with 1703 nm roughness. 

 

Figure 5 - 29 (a) In situ XRD results for Cu-40 wt.% Zn with increasing temperature; (b) 

Enlarged XRD for the observation of ZnO in Cu-40 wt.% Zn; (c) Enlarged XRD for the 

observation of Cu-Zn phase transition in Cu-40 wt.% Zn. 

(a) (b) 

(c) 
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Figure 5 - 30 (a) In situ XRD results for Cu-40 wt.% Zn/10 vol.% WC with increasing 

temperature; (b) Enlarged XRD for the observation of ZnO in Cu-40 wt.% Zn/10 vol.% WC; (c) 

Enlarged XRD for the observation of Cu-Zn phase transition in Cu-40 wt.% Zn/10 vol.% WC. 

 

XRD Peak Shift The leftward peak shift of Cu-40 wt.% Zn alloy phases is clear in both 

Figure 5 - 29 (a) and (c) and Figure 5 - 30 (a) and (c). The main phases of Cu-40 wt.% Zn systems 

experience much larger thermal expansions with increased temperatures, as indicated in Table 5 - 

3. This leads to a significant thermal compression strain, especially when WC nanoparticles exhibit 

higher strength with a smaller lattice constant. This is also why WC-phase XRD peaks witness 

little to no shift during the in-situ heating, as demonstrated by Figure 5 - 30 (b). Thermal mismatch 

strengthening by nanoparticles in metal matrices can also be supported by this observation. 

Contrary to the thermal expansion and lattice strain model, the rightward shift of XRD 

peaks of the ZnO phase (as shown in Figure 5 - 29(b) and Figure 5 - 30 (b)) is observed. It should 

(a) (b) 

(c) 
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be noted that Zn is oxidized to ZnO with constantly diffusive O2. As more and more ZnO appear 

on the surface, pure Zn will also need to cross the surface to get oxidized. The diffusion-governed 

process will cause oxygen vacancies in the ZnO layer (i.e., Zn +
𝑥

2
𝑂2 → 𝑍𝑛𝑂𝑥, 0 < 𝑥 ≤ 1), which 

will lead to the diffraction peak shifting right, to higher 2θ angles 272. The semi log-linear 

relationship of the approximated ZnO concentration and the scanning temperature also support the 

diffusive oxidation limit of Zn from a dynamics side 106,273. Since metal vacancies will appear 

during the early stages of oxidation at the metal/oxide interface 274, the eventually produced voids 

or cracks (as shown in Figure 5 - 33 (a) and (b)) will also help release compressive stress by 

providing more energy and mobility and creating tension in ZnO structures 275,276. Therefore, 

unlike the XRD peaks of the alloy matrix, the newly formed ZnO will tend to diffract x-rays at a 

higher angle.  

 

Table 5 - 3 Lattice constants and CTEs of the relevant materials 

Materials Single Atomic volume / × 𝟏𝟎−𝟐𝟗 𝒎𝟑 CTE /  × 𝟏𝟎−𝟔 𝐦/(𝐦 ∙ ℃) 

Zn 1.182 34.2 

Cu 1.528 17.6 

Cu-40 wt.% Zn / 20.9 

WC 1.016 5.5 

ZnO / 4.26 (c-axis) ~7.47 

 

Thermal Oxidation Rate The thermal oxidation of Cu-40 wt.% Zn occurs between ~430-

470℃, whereas oxidation of Cu-40 wt.% Zn/10 vol.% WC nanocomposite starts at ~500℃. The 

quantitative ZnO concentration on the detected surface is calculated from EDS mapping and XRD 
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peak intensity in Figure 5 - 31. The surface roughness 𝑅𝑎 of the oxidized surfaces in Figure 5 - 

33 (e) and (f) also supports a slower oxidation rate in Cu-40 wt.% Zn/10 vol.% WC. Referring to 

the theory of metal oxidation 106, the ZnO growth and concentration should obey the following 

rule: 

Eq. 5 - 11  𝑣 ∝
𝑑

𝑑𝑡
𝐶𝑍𝑛𝑂 ≅

𝑑

𝑑𝑡
[𝐶0 ∙ 𝑒𝑥𝑝 (−

𝐵(𝑍𝑛)

𝑘𝐵∙𝑇
)] 

Here, 𝐵(𝑍𝑛) is the effective thermal oxidation constant of Zn in Cu-40 wt.% Zn alloy and 

is mainly determined by the process of Zn +
1

2
𝑂2 → 𝑍𝑛𝑂. Since the experimental temperature is 

far less than the activation temperature determined by 
𝐵(𝑍𝑛)

𝑘𝐵
~104𝐾, based on the linear fitting of 

the inserted figure in Figure 5 - 31, the major role of WC nanoparticles is to reduce the diffusion-

limited Zn oxidation rate 
d

dt
C0. WC does not serve as an adverse catalyst in oxidation 277 because 

the fitting curves’ similar slopes prove the negligible change in activation energy. Since copper 

and zinc belong to the materials with linear oxidation evolution,105 the activation energy is 

estimated to be ~0.778 eV by the curve fitting. Given pure zinc’s oxidation activation energy and 

its concentration in the alloy systems 278, the theoretical value is ~0.720 eV, which fits our 

experiment well. The reason for this difference in diffusion hindrance will be further discussed in 

the proceeding section.  
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Figure 5 - 31 ZnO concentration as a percentage of the scanned surface atoms with increasing 

temperatures (inserted: fitting by activation energy model) 

 

Enhanced thermal stability In Cu-40 wt.% Zn/10 vol.% WC nanocomposites, the enhanced 

thermal stability of both phase transition and thermal oxidation is correlated. As partially revealed 

by the FIB images in Figure 5 - 28 (c) and Figure 5 - 33, WC nanoparticles would hinder the 

mobile particles, even high-energy ions. As demonstrated in Figure 5 - 34, the phase transition 

(governed by the phase diagram in Figure 5 - 27 (b)) and thermal oxidation in Cu-40 wt.% Zn 

alloy are greatly related to the motion of Zn atoms or cations 106. 

WC will prevent Zn from interacting with O2 by blocking diffusion paths along grain 

boundaries 91,103. The diffusive oxidation of metals can be estimated by: 

Eq. 5 - 12  𝐽 =
𝐷𝑝𝑎𝑡ℎ∙𝛿∙𝑉

𝑘𝐵∙𝑇
∙
𝜕𝜎𝑛

𝜕𝑠
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Here, 𝐽 is the Zn flux along a grain boundary of width 𝛿, and 𝐷𝑝𝑎𝑡ℎ is the diffusivity of Zn 

in the diffusion path 𝑆. 𝑉 is the effective atomic volume per atom and is related to the chemical 

potential gradient, and 𝜎𝑛 demotes the stress introduced perpendicular to the diffusive path, as 

shown in Figure 5 - 33 (c).  

In Cu-40 wt.% Zn/WC nanocomposite, WC nanoparticles will reduce the diffusive path 

𝐷𝑝𝑎𝑡ℎ (as supported by Figure 5 - 28 (c)). Since they will provide a reasonably smaller atomic 

volume (as listed in Table 5 - 3), WC nanoparticles will also decrease the stress-related volume 𝑉 

on the diffusion path. Last but not least, according to the load-bearing mechanisms of WC 

nanoparticles in metal matrices,279 the stress will be partially transferred to WC nanoparticles (i.e., 

σn is changed into σWC−alloy) instead of being fully exerted along the grain boundary paths; this 

will give a smaller 
∂σn

∂s
. In this way, by adding WC nanoparticles, reduced 𝐷𝑝𝑎𝑡ℎ, 𝑉, and 

∂σn

∂s
 will 

contribute to a slower oxidation rate by limiting the diffusion rate of Zn. The morphology of 

changing needle-like ZnO nanorods in Cu-40 wt.% Zn to flake-like ZnO plates in Cu-40 wt.% 

Zn/10 vol.% WC also supports this argument 103,280. 

The phase transitions of 𝛾 → 𝛽′ and 𝛽′ → 𝛽 are also associated with Zn diffusion for the 

re-arrangement of Cu-Zn configuration (as supported by Figure 5 - 33 (e-1) and (e-2)). The similar 

hindrance and changes can be introduced by WC nanoparticles to mitigate the phase transition 

kinetics and dynamics 281,282. This process is the result of high-temperature Zn dezincification due 

to Zn content variation. The evidence for the more retarded phase transitions of 𝛾 → 𝛽′ and 𝛽′ →

𝛽 (corresponding to the λ-shaped endothermic reaction curve 283) is shown in the DSC results in 

Figure 5 - 32. Since the high oxygen permeability at elevated temperatures is usually associated 

with order-disorder transition in materials,270 the lower oxygen penetration probability in Cu-40 

wt.% Zn/10 vol.% WC nanocomposites (as verified by the oxide layer thickness in Figure 5 - 33 
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(d) and (e) and the analyses for thermal oxidation rate) also helps with the stabilization of ordered 

𝛽′ phase. Additionally, from an atomic aspect, the smaller average atomic size of WC (see Table 

5 - 3) means the system will be more favorable towards ordered intermetallic configuration 284,285. 

Indeed, the phase transition trend with WC nanoparticle incorporation into Cu-40 wt.% Zn is 

different from the previously reported phenomena, since WC nanoparticle introduces hindrance, 

endures stress, and provides heterogeneous configuration and properties 286. 

 

Figure 5 - 32 DSC scanning curve for phase transition observation in Cu-40 wt.% Zn alloy (blue 

line) and Cu-40 wt.% Zn/10 vol.% WC nanocomposite (red line) under N2 protection 
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Figure 5 - 33 The oxidized surface morphology after in situ XRD scanning of (a) Cu-40 wt.% 

Zn and (b) Cu-40 wt.% Zn/10 vol.% WC; (c) The dynamic illustration of Zn thermal oxidation; 

FIB cross-section image of (d) Cu-40 wt.% Zn and (e) Cu-40 wt.% Zn/10 vol.% WC 

nanocomposite to show the oxidation interface of alloy nanocomposite-ZnO; (e-1) The partially 

(a) (b) (c) 

(d) (e) 

(f) (g) 
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oxidized region in Cu-40 wt.% Zn/ 10 vol.% nanocomposites (with sparse ZnO nanorods shown 

in the inserted yellow circle); (e-2) The fully oxidized region in Cu-40 wt.% Zn/ 10 vol.% 

nanocomposite with nanoplate structures; (e-3) The enlarged image of WC nanoparticle as the 

interface hindrance; (f) The relative surface roughness of Cu-40 wt.% Zn alloy after oxidation; 

(g) The relative surface roughness of Cu-40 wt.% Zn/10 vol.% WC nanocomposite. 

 

In summary, this part systematically analyzed the thermal stability (i.e., phase stability and 

anti-oxidation in this study) of Cu-40 wt.% Zn up to high temperatures and confirmed the 

beneficial role of WC nanoparticles in the enhanced thermal stability of Cu-40 wt.%/WC 

nanocomposites. The facile as-cast Cu-40 wt.% Zn/10 vol.% WC nanocomposite showed well-

dispersed WC nanoparticles. After performing in situ XRD studies, the higher temperatures for the 

phase transition and Zn oxidation were confirmed. On one hand, the oxidation rate analysis, SEM 

surface, and FIB cross-section images proved the different morphology from nanorod to 

nanoplates introduced by WC nanoparticles and the important role of WC nanoparticles as path 

hindrance. On the other hand, DSC analysis validated the postponed phase transition trend in the 

Cu-40 wt.% Zn/10 vol.% WC nanocomposites. The results are summarized in Figure 5 - 34. 

 

Figure 5 - 34 Descriptive illustration of phase transitions (with different crystal structures) and 

chemical reactions in Cu-40 wt.% Zn/ WC nanocomposite with increased temperatures. 
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This mechanism of alloy incorporated with ceramic nanoparticles (e.g., WC in Cu-40 wt.% 

Zn/WC nanocomposite) to increase thermal stability will be of great potential for metal/alloy 

systems working under high-temperature, high-enthalpy, oxygen-sufficient, and/or high-humidity 

conditions. As for the Cu-40 wt.% Zn alloy, the enhanced thermal stability by WC nanoparticles 

broadens its usage in fields as naval brass for heat exchangers and beyond. 

 

5.2.4 Thermal oxidation of Al/ZrB2 nanocomposite 

Al-5 vol.% ZrB2 was fabricated via the in-situ route shown in Eq. 5 - 13.287 The 5 vol.% 

ZrB2 is chosen, because this volume percentage can give better castability with reasonable molten 

metal flowability, avoid ZrB2 segregation by the density difference, and balance its functional 

properties including electrical conductivity.2,179  

Eq. 5 - 13 10𝐴𝑙 + 3𝐾2𝑍𝑟𝐹6 + 6𝐾𝐵𝐹4
1023𝐾,20𝑚𝑖𝑛
→          3𝑍𝑟𝐵2 + 10𝐾𝐴𝑙𝐹4 + 2𝐾𝐹 

The as-cast Al-5 vol.% ZrB2 was characterized by SEM on equipment model Zeiss Supra 

40VP. For the size distribution, the ZrB2 nanoparticles were extracted out from the Al matrix by 

dilute HCl etching. A suspension liquid with ZrB2 nanoparticles was then subjected to 30 min of 

ultrasonic vibration before measurement. The size distribution of the ZrB2 nanoparticles was 

characterized by Dynamic Light Scattering (DLS) on an N4-PLUS DLS Machine. 

Then, the in situ XRD scanning was performed on both pure Al and Al-5 vol.% ZrB2 

nanocomposites from room temperature up to 873K on a PANalytical X’Pert Pro model (Cu K𝛼, 

40KV acceleration voltage with 0.05° step size). Each sample has been scanned twice. The in situ 

heating took 15 mins to achieve each temperature, and then the in situ scanning started. The post-

oxidation surface morphology of pure Al and Al-5 vol.% ZrB2 nanocomposites was characterized 

by SEM imaging and EDS mapping on Zeiss Supra 40VP. The surface characteristics were gauged 
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via XPS (Kratos Axis Ultra model) for element composition and status analyses before and after 

oxidation. 3 different spots on the surface were gauged for XPS analysis. 

Further, to quantitatively analyze the anti-oxidation performance, the XRD peak intensity 

(by Al peaks) and EDS surface mapping were used to quantify the oxidized surface ratio. Since 

the low-temperature oxidation created amorphous Al2O3, FIB milling (on a FEI Nova 600 

SEM/FIB System) was utilized to show the oxidation cross-section for layer properties.  

TGA measurement (on a Perkin Elmer Diamond TG/DTA model) was added to analyze the 

dynamic and kinetic evolution of the Al2O3 oxide layer. The scanning temperature was set from 

325K to 875K at 4K/min for 150 min (with 13 min for isothermal keeping at 875K before cooling 

to guarantee the mass measurement stabilization) and isothermal scanning for 90 min. Each sample 

has been scanned for 3 times under each investigated condition. The results were summarized as 

Al2O3 weight gain and Al2O3 layer thickness. The air flow was set to be 30 mL/min to guarantee 

the enough oxygen and efficient heating in TGA. All the oxidation was introduced under air 

condition (𝑃𝑡𝑜𝑡 = 10
5 𝑃𝑎; 𝑃𝑂2 = 2.1 × 10

4 𝑃𝑎). 

To demonstrate the functionality of the oxidized surface, wettability and anti-corrosion 

study has been carried out. The contact angle measurement was performed on a goniometer which 

consists of a XYZ axis positioning stage and an observation setup (GO® Edund VZMTM 1000i 

Zoom Imaging Lens at ×5 magnification with Point Grey FL3-U3–13Y3M-C CMOS camera). 

During the measurement, a 5µl DI water droplet was crated and placed on the sample by a pipette 

(Eppendorf Single-Channel Pipette, Max 10µl). The contact angle was determined by the air-water 

interface and the triple phase contact line. 

The corrosion test was done on the oxidized surfaces by an EIS spectroscopy. Before the 

corrosion test, all surfaces were rinsed with anhydrous ethanol (200 proof) to remove surface 
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impurities. The exposed area for tests was 0.9 cm2. The anti-corrosion performance was analyzed 

on an EIS spectroscopy (Ametek VersaSTAT 4 model) in 3.5 wt.% NaCl solution (pH=6.5-7; 500 

mL for each test) under the temperature of 25°C. A saturated Ag/AgCl reference electrode and 2 

graphite rods as counter electrode were used. The sequence of the tests was open current potential 

(OCP), potentiostatic EIS scanning, linear polarization resistance (LPR), and finally 

potentiodynamic scanning. For OCP, the stable time was set to 10 mins to minimize the damage 

from pitting initiation;288 For potentiostatic EIS scanning, the frequency range of 100KHz to 1Hz 

was studied at 0V v.s. OCP; For LPR measurement, the scanning range was from -0.02V v.s. OCP 

to +0.02V v.s. OCP; For potentiodynamic measurement, the scanning range was from -0.25V v.s. 

OCP to 0.6 v.s. OCP with the potential step of 5 mV; For potentiodynamic measurement, the 

scanning range was from -0.25V v.s. OCP to 0.6 v.s. OCP with the potential step of 5 mV. Each 

material has been tested with 2 samples. 

Microstructure before Oxidation As shown in Figure 5 - 35 (a) and (b), due to the 

reasonable wettability (~75 ° ) between ZrB2 and molten Al, pseudo-dispersion of ZrB2 

nanoparticles is expected.1 Figure 5 - 35 (c) shows the size distribution of in situ synthesized ZrB2 

nanoparticles. The average size of the ZrB2 nanoparticles is ~96 nm in diameter. 
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Figure 5 - 35 (a) SEM image of in situ ZrB2 nanoparticles distributed in the Al-5 vol.% ZrB2 

nanocomposite; (b) Enlarged SEM image of the ZrB2-dense zone (under InLens/SE combined 

mode); (c) Distribution of ZrB2 nanoparticle size in the Al-5 vol.% ZrB2 nanocomposite. 

 

Al Matrix Stability: With the incorporation of nanoparticles, the Al matrix characteristics 

will also be influenced in thermal oxidation.289 As shown in the in situ XRD results of Figure 5 - 

36, with the increased oxidation temperature and prolonged oxidation time, unstable crystalline 

planes including (200), (220), and (311) in pure Al disappear (Figure 5 - 36 (a)); while in Al-5 

vol.% ZrB2 nanocomposites, all the Al crystalline planes are stable even under the oxidation 

temperature of 873K near the Al melting temperature (Figure 5 - 36 (b)). It indicates that the in 

situ ZrB2 nanoparticles could greatly increase the matrix crystal plane stability. This is 

understandable: For pure Al, the closely packed crystal plane is (111) and amorphous Al2O3 is 

more stable on (200) and (220) planes due to the favorable interfacial energy;290 therefore, under 

high-temperature oxidation, (111) is the only plane observable after pure Al oxidation. When ZrB2 

nanoparticles are introduced, they have a higher oxidation initial temperature and have been 

synthesized with (001), (100) and (101) planes in relatively equal possibility (See Figure 5 - 36 

(b)). These three planes would correspondingly form less mismatch with all Al (111), (200), (220), 

and (311) planes and show strong interfacial stability,291 which prevents these planes from high-

temperature dynamic oxidation.   
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Figure 5 - 36 The in situ XRD observation for the oxidation process from room temperature to 

873K for (a) pure Al, and (b) Al-5 vol.% ZrB2 nanocomposites. 

 

Thermal Oxidation Performance: The post-oxidation surface morphology of pure Al and 

Al-5 vol.% ZrB2 nanocomposites after XRD scanning are shown in Figure 5 - 37. It is clear that 

the oxide growth of Al follows the well-established island-by-layer mode in air.292 Under lower 

temperature (<673K), due to this growth mode, the ZrB2 nanoparticles in the system will slow the 

covering process of Al2O3 and break the oxide layer continuity,292 which could result in a thicker 

self-limiting oxide layer. However, under higher temperature (≥673K), Figure 5 - 37 (a) and (b) 

show that amorphous Al2O3 has partially transferred to crystalline Al2O3 with regular geometry in 

pure Al.106 The observation will influence the anti-oxidation performance at different temperature 

range and will be further discussed when quantifying the oxidation rate. 
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Figure 5 - 37 (a) and (b) The SEM image of the post-oxidation surface of pure Al after in situ 

XRD measurement; (c) and (d) The SEM image of the post-oxidation surface of Al-5 vol.% ZrB2 

nanocomposites after in situ XRD measurement; (e) The EDS mapping for the post-oxidation 

surface of Al-5 vol.% ZrB2 nanocomposites after in situ XRD measurement to confirm the 

homogeneous distribution of amorphous Al2O3. 

 

Comparing the XPS results for the surfaces before (Figure 5 - 38 (a) and (b)) and after 

(Figure 5 - 38 (c) and (d)) oxidation, no Zr and B signal of the post-oxidation surface indicates 

that amorphous Al2O3 covers the surface up. The detailed scanning for Al 2p (Figure 5 - 38 (e) 

and (f)) and O 1s (Figure 5 - 38 (g) and (h)) reveals that the Al 2p and O 1s peaks in the oxides of 

Al-5 vol.% ZrB2 nanocomposites have a left shift compared with that of pure Al. The left shift of 

~1.5-2 eV at O 1s is more obvious, which indicates a higher oxygen vacancy in the oxides formed 
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on Al-5 vol.% ZrB2 nanocomposites. A smaller O(1s)/Al(2p) ratio of Al-5 vol.% ZrB2 

nanocomposites in Figure 5 - 39 also proves this difference. 

 

Figure 5 - 38 The detailed XPS spectrum for (a) Zr 3d and B 1s and (b) Al 2p in pre-oxidized 

Al-5 vol.% ZrB2 nanocomposites; The XPS survey scanning of post-oxidation surface for in-situ 

XRD after (c) 4 min and (d) 10 min Ar ion cleaning; The detailed XPS spectrum for Al 2p on the 

post-oxidized surface for (e) Al-5 vol.% ZrB2 nanocomposites and (f) pure Al after 10 min Ar 
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ion cleaning; The detailed XPS spectrum for O 1s on the post-oxidized surface for (g) Al-5 

vol.% ZrB2 nanocomposites and (h) pure Al after 10 min Ar ion cleaning. 

 

Figure 5 - 39 The O/Al ratio in the formed oxide for both Al and Al-5 vol.% ZrB2 

nanocomposites after in-situ XRD scanning and oxidation. 

 

As shown in the Figure 5 - 38 and Figure 5 - 39, the oxides at different depths (revealed 

by different Ar ion cleaning in XPS) have changed oxygen and aluminum ratio. Since the oxide 

forms and grows from the metal-oxide interface, 4 min cleaning reveals amorphous oxide formed 

in the earlier stage of the oxidation process (i.e., the lower temperature range) than 10 min cleaning 

(i.e. at the later oxidation stage under high temperature). At lower temperature, as shown in Figure 

5 - 39, O(1s)/Al(2p)≫1.5 demonstrates an Al cation-deficient growth mode, which makes the 

process electric field-governed.90,293 However, at higher temperature, O(1s)/Al(2p)<1.5, which 

introduces excessive Al cation (as proved by the Al oxidation states of the XPS results in Figure 

5 - 38 (c) and (d)) in the amorphous oxide to cancel the effect of electric field and dominates the 

oxide growth by activation energy.90 This will be further discussed and correlated with the 
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calculation of the Mott potential-introduced electric field and the activation energy barrier with 

Table 5 - 4. 

Quantitative Oxidation Rate To quantify the oxidation rate, both dynamic (following the 

in situ XRD thermal oxidation process) and kinetic measurement by TGA analyses are applied 

(Figure 5 - 36 and Figure 5 - 40). The cross-section images are provided in Figure 5 - 41 to prove 

the good match between the weight gain (in Figure 5 - 40) and the oxide layer average thickness 

after dynamic oxidation. 

It is seen in Figure 5 - 40 that Al-5 vol.% ZrB2 nanocomposite shows a better anti-

oxidation performance only under higher temperature (≥673K) than pure Al. It is because ZrB2 

will disturb the oxide layer covering process under lower temperature (<673K). Nevertheless, 

under higher temperature (≥673K), the whole surface is covered up and the oxygen diffusion will 

be more dependent on the morphology of Al2O3.  Since pure Al already shows amorphous-to-

crystalline transition of the formed Al2O3 (Figure 5 - 37), the interfacial boundaries of the 

crystalline Al2O3 will ease the oxygen diffusion for oxidation.290,292,294 Therefore, pure Al will 

have worse anti-oxidation performance under higher temperature (≥673K) with continuous 

oxidation (Figure 5 - 40 (a)) and breaks the self-limiting oxide layer under dynamic scanning 

(Figure 5 - 40 (b)). The downward trend observed for 450K-700K in Figure 5 - 40 (b) of Al-5 

vol.% ZrB2 nanocomposites during the dynamic oxidation may be explained by the medium-

temperature dehydration of formed precursor Al2O3∙xH2O.295 This observation is also supported 

by the TGA analyses in Figure 5 - 42.  
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Figure 5 - 40 (a) The surface oxidation ratio analysis by in situ XRD and EDS mapping and (b) 

The TGA analysis to simulate the oxidation process during in situ XRD scanning for Al-5 vol.% 

ZrB2 (red line) and pure Al (blue line). 

 

Figure 5 - 41 (a) and (c) The oxide layer cross-section of pure Al after in situ XRD 

characterization (the interface shows partial contact as the Al oxidation channel in (c)); (b) and 

(d) The oxide layer cross-section of Al-5 vol.% ZrB2 after in situ XRD characterization (the 

interface shows large interface voids and huge interfacial separation with ZrB2 nanoparticles, as 

shown in (d)) 
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Using the equations of Eq. 5 - 14 and Eq. 5 - 15,90,296 together with the kinetic thermal 

oxidation lines shown in Figure 5 - 42, the Mott potential (the limiting threshold electric field 

strength) and activation energy barrier for oxidation are summarized in Table 5 - 4. For Al-5 vol.% 

ZrB2 nanocomposite, the Mott potential is higher, which will lead to a faster oxidation rate; 

however, when the temperature goes higher, the Al cation-deficient growth mode is ended (Figure 

5 - 39) and the activation energy control is more dominant. Al-5 vol.% ZrB2 nanocomposite with 

a higher activation energy barrier will demonstrate better anti-oxidation performance. The good 

match between our experiment results and the literature data confirms the feasibility of our Al-

ZrB2 anti-oxidation analyses.  

Eq. 5 - 14 𝑛𝑂2 =
𝑃𝑂2

√2∙𝜋∙𝑚𝑂2 ∙𝑘𝐵∙𝑇
≫ 𝑛𝐴𝑙  

Eq. 5 - 15 
1

𝑧𝑙𝑖𝑚
= −

𝑘𝐵∙ln(
10−15

𝛺∙𝑛𝐴𝑙∙𝑣
)

𝑞∙𝑎∙𝑉𝑀
∙ 𝑇 −

𝑈

𝑞∙𝑎∙𝑉𝑀
 

Where  𝑛𝑂2  is the number of O2 molecules hitting a surface per unit time and area at 

constant pressure of 𝑃𝑂2 and constant temperature of 𝑇. 𝑚𝑂2 denotes the mass of O2 molecule, and 

𝑘𝐵 is the Boltzmann’s constant. 𝑛𝐴𝑙 is the available Al atoms for oxidation process. 𝑛𝑂2 ≫ 𝑛𝐴𝑙 

under atmospheric pressure indicates that the oxidation of Al is not limited by the availability of 

O2.  

In Eq. 5 - 15, 𝑧𝑙𝑖𝑚 refers to the self-limiting oxidation layer thickness (corresponding to 

the thickness in Figure 5 - 43). 𝛺 is the volume of oxide formed per cation of Al, 𝑣 is the attempt 

frequency of the cation jump to get oxidation across the oxidation film, 𝑞 is the charge of the 

migrating cation (+3 for Al), 2𝑎 is the distance from the potential minimum to the next potential 
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minimum across the rate-limiting activation energy barrier 𝑈, and 𝑉𝑀 is the Mott potential for Al 

oxidation.90 

 

 

Figure 5 - 42 TGA analysis for the oxidation rate and the observation of self-limiting oxidation 

behavior in pure Al (blue line) and Al-5 vol.% ZrB2 (red line) under air condition of 105 Pa at 

(a) 573K and (b) 873K for 90 min. 

 

Figure 5 - 43 Thickness comparison between 3 different thermal oxidation processes mentioned 

above for (a) pure Al and (b) Al-5 vol.% ZrB2 nanocomposites. 

 

(a) (b) 

(b) (a) 



172 

 

Table 5 - 4 The effect of ZrB2 nanoparticles on Mott potential and rate-limiting activation 

energy barrier based on self-limiting Mott-Cabrera model 

Materials 

Mott potential by limiting threshold 

electric field strength at 573K 

MV/cm 

Energy barrier 

eV 

Oxygen partial pressure 

Pa 

Al-5ZrB2 ~52.7 3.91 ~2.1 × 104 

Al ~22.7 2.88 ~2.1 × 104 

Al * 19 2.6 ~10−5 − 10−3 

* Data from Ref. 90  

 

Potential Applications Oxide layers may serve as a surface-engineering technique and anti-

corrosion barrier. Therefore, thermal oxidation is the most effective way to tune the surface 

properties (e.g., wettability and anti-corrosion performance) of alloys. 

Here, we demonstrated that the incorporation of 5 vol.% ZrB2 nanoparticles can effectively 

tune the surface wettability with water both before and after thermal oxidation, as shown in Figure 

5 - 44 (a)-(f). It is clear in Figure 5 - 44 (f) that after thermal oxidation, the Al-5 vol.% ZrB2 

surface is more hydrophobic than the oxidized pure Al surface, and the wetting angle almost 

doubled. Since having difference hydrophobicity could introduce different functionalities, the 

incorporation of ZrB2 nanoparticles could potentially be used as an effective means to change Al 

alloys’ surface properties for thermal and biological applications. 
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Figure 5 - 44 The wetting condition between water and the pre-oxidation surface of (a) Al-5 

vol.% ZrB2 nanocomposites and (b) pure Al; The wetting condition between water and the post-

oxidation surface of (c) Al-5 vol.% ZrB2 nanocomposites and (d) pure Al. The wetting angle 

between water and the (e) pre-oxidation and (f) post-oxidation surfaces. 

 

Furthermore, the anti-corrosion performance of the oxidized surfaces is different in pure Al and 

Al-5 vol.% ZrB2 nanocomposite. The results of the potentiodynamic curve and the frequency 

response of the corrosion process in the oxide layer have been summarized in Figure 5 - 45. Since 

the Al2O3 layer would be dense after the oxidation process, given the frequency-dependent 

characteristics in Figure 5 - 45 (b) and (c), the circuit as shown in Figure 5 - 45 (d) is used for 

EIS spectra fitting. The electrochemical results are summarized in Table 5 - 5. Here, 𝐸𝑐𝑜𝑟𝑟 refers 

to the corrosion potential (by Figure 5 - 45). 𝑅𝑠 is the solution resistance,  𝑅𝑝 the polarization 

resistance, and 𝐶𝑑𝑙  the electrical double layer capacitance. For oxide layer electrochemical 

properties, 𝑅𝑜 denotes the oxide layer resistance, and 𝐶𝑜 the oxide layer capacitance. The similar 

𝑅𝑠 indicates the measurement is accurate and the fitting is feasible. 
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After thermal oxidation, the oxide layer of Al-5 vol.% ZrB2 has higher 𝐸𝑐𝑜𝑟𝑟, which means it’s 

much noble against the corrosion in 3.5 wt.% NaCl solution. Besides, Al-5 vol.% ZrB2 oxide layer 

has a much larger 𝑅𝑜 and 𝑅𝑝, which demonstrates the more supreme anti-corrosion performance 

than pure Al oxide layer.  

 

 

Figure 5 - 45 Anti-corrosion performance analysis for pure Al and Al-5 vol.% ZrB2 after 

thermal oxidation (in situ XRD route) with (a) potentiodynamic curve, (b) frequency-dependence 

of total impedance and phase angle, (c) frequency-dependence of real and imaginary impedance, 

and (d) equivalent electrical circuit for impedance analysis. 
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Table 5 - 5 Fitting values for simulative EIS spectra of the oxidized surface for pure Al and Al-5 

vol.% ZrB2 samples (in situ XRD route, 0.9 cm2 surface area) 

 

𝐸𝑐𝑜𝑟𝑟 

(V) 

𝑅𝑠 

(Ω) 

𝑅𝑝 

(Ω) 

𝐶𝑑𝑙 

(𝑛𝐹) 

𝑅𝑜 

(Ω) 

𝐶𝑜 

(𝑛𝐹) 

Pure Al -0.901 9.783 13129 1969.8 20.91 734.1 

Al-5ZrB2 -0.818 9.578 68243 767.6 433.7 834.4 

 

More importantly, Al-5 vol.% ZrB2 oxide layer interacts with the solution to have a smaller 

𝐶𝑑𝑙.The Gibbs free energy 𝐺 at the interface of the oxide layer and the solution is governed by297: 

Eq. 5 - 16 𝐺 = 𝛾𝑠𝑙 ∙ 𝐴 + 𝐶𝑑𝑙 ∙ 𝑈𝑑𝑙
2 

Where 𝛾𝑠𝑙  is the solid-liquid interfacial energy, 𝐴 the exposed surface (which could be 

normalized), and 𝑈𝑑𝑙 the electrical potential set up in the electrical double layer. Here, since 𝑅𝑝 is 

much larger, 𝑈𝑑𝑙  will be mostly determined by 𝑅𝑝  under disturbance <1Hz and could be 

considered constant for wettability experiment. So, with the equilibrium criterion ∆𝐺 = 0, 𝛾𝑠𝑙 and 

𝑈𝑑𝑙 have the relationship of: 

Eq. 5 - 17 
𝑑𝛾𝑠𝑙

d𝐶𝑑𝑙
= −

𝑈𝑑𝑙
2

𝐴
 

So, Al-5vol.% ZrB2 oxidized surface would have a higher 𝛾𝑠𝑙 with lower 𝐶𝑑𝑙. Since the 

contact angle is determined by 𝑐𝑜𝑠𝜃 =
𝛾𝑠𝑔−𝛾𝑠𝑙

𝛾𝑔𝑙
,  a larger contact angle (i.e., more hydrophobic) is 

expected for Al-5 vol.% ZrB2 oxidized surface than pure Al surface. The EIS measurement is 

consistent with our observation in Figure 5 - 44. 
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In brief, the thermal oxidation of Al-5 vol.% ZrB2 surface would provide tunable 

wettability and anti-corrosion performance for the Al matrix. In our case, Al-5 vol.% ZrB2 oxidized 

surface is more hydrophobic and corrosion-resistant than Al oxidized surface. 

In summary, this part analyses the oxidation process and oxide layer characteristics of pure 

Al and in situ Al-ZrB2 nanocomposites. The effects of ZrB2 nanoparticles are studied by both 

dynamical and kinetical measurements: Under lower temperature (<673K), Al-5 vol.% ZrB2 

nanocomposites exhibit a higher oxidation rate than pure Al. The exposed ZrB2 nanoparticles 

breaks the continuity of the oxide layer, and the cation-deficient mode makes this temperature-

range electric field-controlled. However, under higher temperature (>673K), Al-5 vol.% ZrB2 has 

a better anti-oxidation performance, thanks to the delay of the amorphous-to-crystalline phase 

change of Al2O3. 

This observation is confirmed by the Mott-Cabrera model analysis: The Al-5 vol.% ZrB2 

nanocomposites have both higher Mott potential and greater activation energy barrier. When the 

oxidation temperature is lower, Mott potential, as well as higher O/Al ratio, makes Al-ZrB2 easier 

to be oxidized initially; on the other hand, when the temperature is higher, the activation energy 

barrier is more dominant and leads to a slower oxidation rate.  

With the different characteristics of the oxide layer, it has been further demonstrated that 

the post-oxidation surface of Al-ZrB2 nanocomposites has different wettability and corrosion-

performance. The Al-ZrB2 oxidized surface has a larger contact angle, more noble corrosion 

potential, and higher corrosion resistance. This understanding is important for thermal oxidation 

applications (e.g., surface modifications) for various aluminum alloys. 
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5.2.5 Thermal oxidation of AA7075/TiB2 nanocomposite 

Pre-oxidation microstructure The microstructure of the as-fabricated AA7075-1.5TiB2 

nanocomposites (by hot extrusion, under T6 state) was summarized in Figure 5 - 46. The TiB2 

nanoparticles would form bands with some secondary phases inside/near 180. Before the thermal 

oxidation experiments, the polished surface will expose secondary phases linked to the sample 

surface, as shown in Figure 5 - 46c for AA7075 alloys and Figure 5 - 46d for AA7075-1.5TiB2 

nanocomposites. 

 

Figure 5 - 46 (a) SEM imaging and EDS mapping and (b) large-area EBSD analysis of AA7075-

1.5TiB2 nanocomposites; Near-surface morphology of secondary phases in (c) AA7075 alloy and 

(d) AA7075-1.5TiB2 nanocomposite. 
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Dynamic oxidation To understand the oxidation behavior of AA7075 and AA7075-1.5TiB2 

nanocomposites, the samples under the dynamic thermal oxidation conditions were first tested, 

during which the temperature was varying with control (as shown in Figure 5 - 47a). 

As shown in Figure 5 - 47 b-d, the AA7075-1.5TiB2 nanocomposites show a similar 

oxidation trend as the AA7075 alloy. The surface oxidation ratio increases with the increased 

temperature. When the temperature approaches the solutionizing temperature of secondary phases 

like MgZn2, the oxidation process runs into a plateau (see Figure 5 - 47b), which is due to the 

Al2O3 coverage298 and a drastically changed microstructure in these secondary phases (as shown 

in the dashed box of Figure 5 - 47c and d). Since the Gibbs free energy drives the oxidation 

reaction with ∆𝐺 = ∆𝐻 − 𝑇 ∙ ∆𝑆, the structural change could contribute to the increased entropy 

∆𝑆 and, as a result, balance the need of ∆𝐻 from mere oxidation reaction and lower the oxidation 

speed. In this case, MgZn2 as the secondary phase is important for oxidation at a high-temperature 

range (e.g., 400℃ to 600℃), and this will be further addressed in the isothermal oxidation 

experiments. 
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Figure 5 - 47 In situ XRD results for surface oxidation and materials’ composition analyses (a) 

the scanning speed, time, and temperature setup; (b) Semi-quantitative dynamic thermal 

oxidation rate; XRD spectrum for (c) AA7075 alloy and (d) AA7075-1.5TiB2 nanocomposite at 

different temperatures. 

 

The surface morphology was first characterized by the surface roughness, as shown in 

Figure 5 - 48. The average surface roughness for the AA7075-1.5TiB2 nanocomposite is 2.47 um, 

whereas that of the AA7075 alloy is 25.46 um. Clearly, the AA7075-1.5TiB2 nanocomposites 

would have a smoother surface than the AA7075 alloy, which is consistent with the observation 

of the refined grain size by TiB2 (as shown in Figure 5 - 46b). 
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Figure 5 - 48 Post-oxidation morphology by VSI scanning after in situ XRD measurement: (a) 

3D morphology and (b) line-scan surface roughness of AA7075; (c) 3D morphology and (d) line-

scan surface roughness of AA7075-1.5TiB2 nanocomposites. 

 

Figure 5 - 49 further demonstrates a similar result to Figure 5 - 48. As shown in Figure 5 

- 49a and b, both AA7075 and AA7075-1.5TiB2 nanocomposites show an oxidation pattern of 

bubble-like curved Al2O3 oxide film on the grain and wavy-patterned Zn-rich oxides near the grain 

boundaries (GBs) (as supported by EDS mapping in Figure 5 - 49c and d). The wavy-patterned 

Zn-rich zone is mainly enabled by a stress-assisted oxidation process,74 and this process is 

governed by the different oxidation behaviors of Al and Zn: Al oxidation is self-limiting and 

forming a flat and dense amorphous non-stoichiometric layer 90; At the same time, Zn tends to 

oxidize into wire-like patterns by continuous growth 103,273. During the thermal oxidation, Al will 

quickly form a thin oxide layer to cover all the surfaces (Phase I, as shown in Figure 5 - 50b). 

When the temperature is higher, meta-stable 𝜂 -phase MgZn2 goes through a configurational 
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change, and Zn starts to diffuse out (Phase II, as shown in Figure 5 - 50c). When the temperature 

goes above the solutionizing temperature of MgZn2, Zn participates in the oxidation process: Since 

Zn is mainly forming GB precipitates near or at GBs, the Zn outward growth will be rapid near 

the GB precipitates. Stress arises when wire-like ZnO interacts with the Al2O3 layer surface, and 

the interconnected ZnO wires will bend to form patterns. Meanwhile, when the surface is curved, 

the pressure difference from the surface tension of Al2O3 oxide thin films will assist the Zn element 

diffusion by an inward oxygen flux (Phase III, as shown in Figure 5 - 50d). The detailed process 

and observations for phase I and phase II/III will be further discussed in the following sections. 

 

Figure 5 - 49 Post-oxidation surface morphology in in situ XRD process: (a) AA7075 and (b) 

AA7075-1.5TiB2 after oxidation; The morphology and EDS mapping of the Zn-rich oxidation 

zone near the GBs of (c) AA7075 and (d) AA7075-1.5TiB2; The early-stage ruptured Al2O3 
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layer (as well as the formed wrinkles at the GBs) of (e) AA7075 and (f) AA7075-1.5TiB2 after 

oxidation (the yellow arrows indicate the tension direction). 

 

Figure 5 - 50 (a) Illustration of the difference between Al and Zn oxidation processes; (b) The 

initial Al-oxidation stage (Phase I), (c) 𝜂-phase reconfiguration, melting, and Zn-diffusion 

starting stage (Phase II), and (d) the Zn-oxidation and pattern-forming stage (Phase III) during 

AA7075 oxidation, and the associated role of TiB2 nanoparticles. 

 

Isothermal oxidation below solutionizing temperature (600 ℃) To further confirm the 

above experimental observation in AA7075 and AA7075-1.5TiB2, the results of isothermal 

oxidation at 400℃ for 3 hours have been summarized in Figure 5 - 51. The period of 3 hours was 

chosen to be comparable to the dynamic oxidation time. 

As shown in Figure 5 - 51a-1, a-3, b-1, and b-3, since the temperature is below the 

solutionizing temperature, the secondary phase keeps its shape, and the matrix Al undergoes an 

island-shaped self-limiting oxidation 110,298. The EDS scanning result in Figure 5 - 51b-2 also 

indicates that the TiB2 nanoparticle is still within the detection depth, which proves the formation 

of a uniform thin oxide layer. More importantly, the surface keeps reasonably flat. The cross-
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section characterization also shows that the MgZn2-linked surface area and the matrix surface area 

have no observable difference in their oxidation behavior of AA7075 and AA7075-1.5TiB2, and 

the Al oxidation solely dominates at this temperature. 

 

Figure 5 - 51 Post-oxidation surface morphology and cross-section view for (a-1) to (a-3) pure 

AA7075 and (b-1) to (b-3) AA7075-1.5TiB2 after isothermal oxidation for 3 hours at 400 ℃. 

 

Isothermal oxidation above solutionizing temperature (600 ℃) Similarly, the 3-hour 

isothermal oxidation under 600 ℃ was conducted to make a comparison. After this isothermal 

oxidation process, the surface of both AA7075 and AA7075-1.5TiB2 exhibits wavy curvatures (in 

Figure 5 - 52 a-1 to a-3 and b-1 to b-3). Unlike the mere Al oxidation to create island-like oxidation 



184 

 

mode, the oxidation products yield similar patterns on the surface (Figure 5 - 52 a-2 and b-2) and 

near the surface secondary phases (Figure 5 - 52 a-3 and b-3) to the dynamic oxidation results of 

Figure 5 - 49 c and d. Given the element distribution in Figure 5 - 52 a-4 and b-4 and the flat 

oxidized surface under 400 ℃ , this observation at 600 ℃  indicates that the wavy surface 

morphology and abnormal oxidized patterning are induced by the solutionizing/melting process of 

Zn-rich phases. This understanding supports the mechanistic illustration in Figure 5 - 50. In this 

case, under high-temperature oxidation (e.g., 600 ℃), contrary to the typical investigation for the 

metallic systems with Al 299–301, the pre-formed Al2O3 oxide layer does not provide efficient 

oxygen inhibition to protect the substrate from oxidization (Phase II and Phase III in Figure 5 - 

50), even though the Al2O3 appears intact (see Figure 5 - 49). A new model is needed to show the 

interaction of the pre-formed Al2O3 oxide layer and Zn oxidation for morphology patterning and 

oxygen penetration. 
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Figure 5 - 52 Post-oxidation cross-section morphology after isothermal oxidation at 600 ℃ for 3 

hours for (a-1) pure AA7075 and (b-1) AA7075-1.5TiB2; Post-oxidation surface morphology for 

(a-2) pure AA7075 and (b-2) AA7075-1.5TiB2; EDS line scanning from matrix to surface for Al, 

Zn, and O elements in (a-3) and (a-4) pure AA7075 and (b-3) and (b-4) AA7075-1.5TiB2. 

 

Oxidation mechanism Since the Zn is oxidized after the thin amorphous Al2O3 film is 

formed, the growth of ZnO will be influenced by the Al2O3 film, as shown in Figure 5 - 50 d. 

Figure 5 - 49 e and f and Figure 7 also indicate a surface tension-induced wrinkled morphology 

after ZnO starts growing above the solutionizing temperature. Therefore, the growth of ZnO will 

need to sustain an energy consumption from surface tension (per unit area) 𝐸𝑔𝑟𝑜𝑤𝑡ℎ by: 

Eq. 5 - 18 𝑑𝐸𝑔𝑟𝑜𝑤𝑡ℎ =
2∙𝛾𝐴𝑙2𝑂3

𝑅
∙ 𝑑𝑥 

Where 𝛾𝐴𝑙2𝑂3 is the surface tension for the thin Al2O3 film, 𝑅 the characteristic curvature radii after 

the oxide film is ruptured, and 𝑥 the effective outward moving distance if the oxide film is to be 

expanded/ruptured. 

This energy is supplied by Zn oxidation enthalpy mainly (i.e., 2𝑍𝑛 + 𝑂2 → 2𝑍𝑛𝑂). Then, 

the energy supply by oxidation (per unit area) 𝐸𝑜𝑥𝑖𝑑𝑎𝑡𝑖𝑜𝑛 will be linked with the Zn diffusion flux 

to the surface: 

Eq. 5 - 19 𝑑𝐸𝑜𝑥𝑖𝑑𝑎𝑡𝑖𝑜𝑛 = ∆𝐻 ∙ 𝐽𝑍𝑛 ∙ 𝑑𝑡 ≅ ∆𝐻 ∙ 𝐽𝑂 ∙ 𝑑𝑡 

Where ∆𝐻 denotes the oxidation reaction enthalpy of Zn. 𝐽𝑍𝑛 and 𝐽𝑂 are the diffusion flux of Zn 

and oxygen respectively in a short time interval 𝑑𝑡. 

At equilibrium oxidation condition with 𝑑𝐸𝑔𝑟𝑜𝑤𝑡ℎ = 𝑑𝐸𝑜𝑥𝑖𝑑𝑎𝑡𝑖𝑜𝑛, the Zn oxidation speed 

and the oxygen penetration speed will be primarily determined by: 
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Eq. 5 - 20 𝑣 =
𝑑𝑥

𝑑𝑡
=
𝐽𝑍𝑛∙∆𝐻∙𝑅

2∙𝛾𝐴𝑙2𝑂3
≅

𝐽𝑂∙∆𝐻∙𝑅

2∙𝛾𝐴𝑙2𝑂3
 

As shown in Figure 5 - 52 a-3 and b-3, Zn oxidation in AA7075 is different from its 

oxidation process in Zn-dominant system 74, because the secondary phase enriched with Zn in 

AA7075 systems directly contributes as a Zn reservoir. This condition requires minimum GB 

stress-assisted Zn transport to the surface,103,273 as the oxygen gradient leads to an inward oxidation 

and diffusion trend, as shown in Figure 5 - 54 and Figure 5 - 58. Besides, high temperature will 

also give the (near-)surface enough stress relaxation by softening the matrix. Thus, the Zn 

oxidation is minimally influenced by the stress gradient but largely depend on the concentration 

gradient, as shown in the following equation: 

Eq. 5 - 21 𝐽𝑍𝑛 ≅ 𝐷𝑍𝑛 ∙
𝜕𝐶𝑍𝑛

𝜕𝑥
 

Eq. 5 - 22 𝐽𝑂 ≅ 𝐷𝑂 ∙
𝜕𝐶𝑂

𝜕𝑥
 

Where 𝐷𝑍𝑛  and 𝐷𝑂  are the elemental diffusivity for Zn and oxygen in the AA7075 system, 

respectively. 𝐶𝑍𝑛 and 𝐶𝑂 denotes the concentration of these elements along the presumed Al2O3 

rupture normal direction. 

Here, the quantification of the Zn oxidation process uses Eq. 5 - 21 and Eq. 5 - 22, because 

Zn is forming complex intermetallic compounds like MgZn2 and the Zn concentration gradient 

may be heavily influenced by other secondary phases, including AlCu-rich phases (see Figure 5 - 

53).  

 



187 

 

Figure 5 - 53 Illustration of complex intermetallic compounds on the gradient-driven thermal 

oxidation path of Zn. (6-hour thermal oxidation at 600 ℃ in AA7075-1.5TiB2 as an example) 

 

Besides, the interchangeable relationship between Zn and oxygen is also valid, because the 

higher Zn concentration gradient leads to a higher O concentration gradient by mass conservation 

and vice versa (see Figure 5 - 54 c and d and Figure 5 - 58 c and d). 

 

Figure 5 - 54 Element concentration gradient of Zn and O along the diffusion path within the 

secondary phase after 3-hour thermal oxidation at 600 ℃ for (a) pure AA7075 with EDS point-

scanning in (b) and (c) AA7075-1.5TiB2 with EDS point-scanning in (d). 
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Therefore, considering the interchangeable equivalence between Eq. 5 - 21 and Eq. 5 - 22 

and the simple chemical composition of oxygen, Eq. 5 - 22 will be mainly used to quantify the Zn 

oxidation process. With this equation substitution, the oxidation penetration depth (illustrated by 

the oxygen depletion depth) could be derived quantitatively in Eq. 5 - 23: 

Eq. 5 - 23 
𝑑𝑧

𝑑𝑡
∝ 𝑣 ≅

𝐷𝑍𝑛∙
𝜕𝐶𝑍𝑛
𝜕𝑥

∙∆𝐻∙𝑅

2∙𝛾𝐴𝑙2𝑂3
≅
𝐷𝑂∙

𝜕𝐶𝑂
𝜕𝑥
∙∆𝐻∙𝑅

2∙𝛾𝐴𝑙2𝑂3
∝ (

𝜕𝐶𝑂

𝜕𝑥
∙ 𝑅) 

As measured by VSI (in Figure 5 - 48) and surface morphology and grain size 

characterization (in Figure 5 - 49 and Figure 5 - 55), the average ratio of curvature radii between 

AA7075-1.5TiB2 and pure AA7075 is 𝑅𝑁𝑃/𝑅𝑝𝑢𝑟𝑒 ≈0.78.  

 

Figure 5 - 55 Post-oxidation grain size of (a) AA7075 and (b) AA7075-1.5TiB2 nanocomposite 

after 6 hours at 600 ℃ (under microscope with polarization directly after polishing). 

 

According to Figure 5 - 54, the oxygen concentration gradient ratio between AA7075-

1.5TiB2 and pure AA7075 is (
𝜕𝐶𝑂

𝜕𝑥
)𝑁𝑃/(

𝜕𝐶𝑂

𝜕𝑥
)𝑝𝑢𝑟𝑒 ≈1.07. Thus, the average oxygen depletion depth 

ratio between AA7075-1.5TiB2 and pure AA7075 would be ~0.84. It suggests that oxygen could 

not be prevented from reacting with Zn by Al2O3 film. Therefore, the oxidation process would be 
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different in AA7075-1.5TiB2 than in AA7075 under the high temperature (see Figure 5 - 47b). 

This newly discovered mechanism related to the interaction between the pre-formed Al2O3 oxide 

layer and related element diffusion is illustrated in Figure 5 - 57. The proposed model could be 

further proved by Figure 5 - 56, and the clear inward oxygen diffusion across the Al2O3 layer to 

oxidize Zn can be observed in Figure 5 - 56. 

 

Figure 5 - 56 Cross-section morphology of AA7075-1.5TiB2 after 3-hour thermal oxidation at 

600 ℃ (without being pre-heated at 400°C for 5 mins) 

 

To further validate our theory, the isothermal oxidation at 600 ℃ for 6 hours has been 

conducted and summarized in Figure 5 - 58 and Figure 5 - 59. Clearly, with the prolonged 6-hour 

thermal oxidation time, Zn is continuously consumed, so the Zn concentration gradient (as well as 

the O concentration gradient) will be less steep than the 3-hour oxidation, which also indicates a 

diffusion-controlled nature in Zn oxidation. By considering the concentration gradient after 6 hours, 

the corresponding oxygen penetration depth ratio between AA7075-1.5TiB2 and pure AA7075 is 

calculated to be ~1.25. After plotting and comparing the theoretical and experimental values, the 

theory matches the experimental observation.  
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Figure 5 - 57 Illustration of the oxidation process in Figure 5 - 50d: the interaction of pre-

formed Al oxide film and Zn oxidation above the solutionizing temperature. 

 

Figure 5 - 58 Oxidation-induced and oxide layer growth-driving element concentration gradient 

along the diffusion path within the secondary phase after 6-hour thermal oxidation at 600 ℃ for 

(a) pure AA7075 by EDS point-scanning in (b) and (c) AA7075-1.5TiB2 by EDS point-scanning 

in (d). 
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Figure 5 - 59 (a) Oxygen depletion depth of AA7075 and AA7075-1.5TiB2 nanocomposite at 

600 ℃ by oxygen concentration gradient in Figure 5 - 54 and Figure 5 - 58; (b) The comparison 

between the experimental and theoretical values. 

 

At this point, the role of TiB2 nanoparticles in the thermal oxidation of AA7075-1.5TiB2 

alloys becomes clear: First, the element (Zn) concentration gradient is increasing, because the TiB2 

nanoparticles block the diffusion path (see Figure 5 - 50); at the same time, the oxide layer 

rupturing and grain refining from TiB2 tune the thermal oxidation morphology (with curvatures) 

to balance the oxidation driving force from Al2O3 and change the Zn oxidation patterning (see 

Figure 5 - 57). 

Summary: There is a strong interaction between TiB2 nanoparticles and oxide formation 

during the oxidation of AA7075 nanocomposites: At a lower temperature (e.g., 400 ℃), the TiB2 

nanoparticle will rupture the self-limiting Al2O3 film to tune the oxidation speed 298. When the 

temperature is above the solutionizing temperature (e.g., 600℃) of the MgZn2 secondary phases, 

TiB2 nanoparticles will help increase the element (Zn and O) concentration gradient, while 

reducing the roughness of the wavy Al2O3 film due to much-refined grains. The nanoparticles 
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generate a different oxide surface pattern and change the inward oxidation penetration depth in 

AA7075-TiB2. Generally speaking, Zn can be oxidized to a large depth in AA7075 and AA7075-

TiB2 even after the Al2O3 oxide film is formed. The TiB2 nanoparticles can dynamically regulate 

the whole process by controlling the Zn oxidation rate. Considering the large oxygen penetration 

depth along the Zn-rich phase and the oxidation control from TiB2, this understanding would be 

of significance for the processing AA7075 and its nanocomposites under high temperature or high 

temperature gradient. 

 

5.2.6 Corrosion performance of cast AA7075/TiC and AA7075/TiB2 nanocomposite 

Microstructure and Mechanical Properties: Previous studies have shown that grain size is 

important to determining the corrosion performance in an alloy: the smaller the grain size, the 

more resistant to corrosion. As shown in Figure 5 - 60, with the incorporation of TiC and TiB2 

nanoparticles, the grain size of Al will be greatly refined while TiC is more effective than TiB2.  

Besides, grain boundaries (GBs) are serving as the preferential path for diffusion-related 

phenomena, and are vulnerable to corrosion, when high-angle GBs (HAGBs) are dominating. 

Knowing this, when looking into the grain boundary misorientation of the same scanning area by 

EBSD, it clearly shows that the incorporation of nanoparticles (TiC and TiB2) could both promote 

the formation of low-angle GBs (LAGBs). We should note that the LAGB ratio in AA7075-1.5 

vol.% TiB2 (cast, T6) is slightly lower than pure AA7075 (cast, T6), and the average GB 

misorientation is similar, because the TiB2 nanoparticles have the coherent interface with Al of 

Al(11-1)//TiB2 (0001) (planes) and Al[011]//TiB2 [11–20] (direction). 302 The misorientation angle 

between crystal planes of (11-1) interfaced with the same TiB2 (0001) could have stable GB angles 
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of ~45°. This means the GB misorientation in AA7075-1.5 vol.% TiB2 (cast, T6) could still have 

a more stable configuration than AA7075 (cast, T6). 

 

Figure 5 - 60 IPF figures and grain size distribution of (a) AA7075 (cast, T6), (b) AA7075-1.5 

vol.% TiC (cast, T6), and (c) AA7075-1.5 vol.% TiB2 (cast, T6). (the thick dark lines indicate 

the HAGBs) 

 

Figure 5 - 61 Grain boundary misorientation distribution (as well as the LAGB ratio and the 

average GB angles) of (a) AA7075 (cast, T6), (b) AA7075-1.5 vol.% TiC (cast, T6), and (c) 

AA7075-1.5 vol.% TiB2 (cast, T6). 

 

In addition to grain and GB characteristics, the sub-feature of PFZ zones could also 

potentially determine the corrosion degradation, because the drastic composition change exists in 

the PFZs. As shown in Figure 5 - 62, the PFZs in AA7075-1.5 vol.% TiB2 (cast, T6) and AA7075-

1.5 vol.% TiC (cast, T6) (37 nm and 26 nm, respectively) are narrower than that in AA7075 (cast, 
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T6), with a width of 58 nm, which acts favorably to an enhanced corrosion resistance in 

nanocomposites. 

Moreover, Figure 3 - 18 shows that the incorporation of TiB2 and TiC nanoparticles could 

offer a higher hardness and lower electrical conductivity. The reduced electrical conductivity is 

introduced by the localized electrons at the matrix-nanoparticle interfaces, which could potentially 

lower the reactivity in corrosionfor an enhanced corrosion resistance in AA7075 nanocomposites 

(cast, T6).  

 

Figure 5 - 62 PFZ width under aberration-corrected HRTEM of AA7075 (cast, T6), AA7075-1.5 

vol.% TiC (cast, T6), and AA7075-1.5 vol.% TiB2 (cast, T6). 
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Corrosion electrochemistry: As mentioned earlier in the experimental methods, the 

electrochemical response for AA7075 alloy and nanocomposites (cast, T6) is examined on three 

different types of surfaces (i.e., fresh, passivated, and immersed and pitted surfaces). Since the 

pitting and repassivation behavior is easy to be blurred in Al alloy system, this design of 

measurement could distinguish the influences of different passivation, corrosion, and repassivation. 

The potentiodynamic curves are summarized in Figure 5 - 63. As shown in Figure 5 - 63 

(a), in the fresh surface corrosion experiment,  a higher electrochemical potential is gained in both 

AA7075-1.5 vol.% TiB2 (cast, T6) and AA7075-1.5 vol.% TiC (cast, T6), which suggests that the 

incorporation of nanoparticles makes the alloy system intrinsically nobler. Figure 5 - 63 (b) shows 

the V-I curve for cast AA7075 alloy (T6) with the oxide layer-passivated surface. It suggests that, 

during the cyclic tests, only AA7075-1.5 vol.% TiB2 (cast, T6) and AA7075-1.5 vol.% TiC (cast, 

T6) have effective repassivation with a clear intersected point as the repassivation potential. 

Further examing the corrosion on cast AA7075 alloys (T6) with the immersed and then pitted 

surface in Figure 5 - 63 (c), the pre-existent pitting surfaces suppress the repassivation behavior 

in AA7075-1.5 vol.% TiB2 (cast, T6) and AA7075-1.5 vol.% TiC (cast, T6) and distinguishes the 

process with those on fresh and oxide layer-passivated surfaces. 

Comparing the electrochemical characteristics and quantifying the process with the 

corrosion models from the later Figure 5 - 83, the corrosion impedance and the corresponding 

Nyquist and Bode plots are plotted in Figure 5 - 64, and the corresponding electrochemical 

parameters are summarized in Table 5 - 6. As shown in Figure 5 - 64 (a) and (b), the impedance 

loops of AA7075-1.5 vol.% TiB2 (cast, T6) and AA7075-1.5 vol.% TiC (cast, T6) on passivated 

and immersed surfaces are larger than AA7075 (cast, T6), which indicates a higher corrosion 

resistance. Considering the larger oxide layer resistance (Ro) and polarization resistance (Rp) from 
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Table 5 - 6, it suggests that the better corrosion resistance on the passivated surface of AA7075 

nanocomposites (cast, T6) is mainly due to a more resistant oxide layer. Based on the 

recommended standard EIS fitting for aluminum alloy and its composites,303 the larger polarization 

resistance Rp in the AA7075-TiB2/-TiC (cast, T6) could be mainly due to the lower electrical 

conductivity in its cast nanocomposites (Figure 3 - 18), and the AA7075 matrix-nanoparticle 

interface will add up the polarization capacitance (Cp) due to the interfacial electron 

localization.2,189 

Meanwhile, comparing the phase angle in Figure 5 - 64 (c) and (d), transitioning from 

fully passivated surface to immersion-induced pitted surface, the phase angle peak of AA7075-1.5 

vol.% TiB2 (cast, T6) and AA7075-1.5 vol.% TiC (cast, T6) did not change; however, the phase 

angle peak of AA7075 (cast, T6) shifts from ~100 Hz to ~10 Hz, indicating an accelerated pitting 

process. In this sense, AA7075-1.5 vol.% TiB2 (cast, T6) and AA7075-1.5 vol.% TiC (cast, T6) 

after passivation are more stable and resistant to pitting corrosion. 

 

 

Figure 5 - 63 Potentiodynamic corrosion curve for AA7075 (cast, T6), AA7075-1.5 vol.% TiB2 

(cast, T6), and AA7075-1.5 vol.% TiC (cast, T6) with (a) freshly exposed surface, (b) passivated 

surface, and (c) immersed surface after passivation. 
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Figure 5 - 64 Comparison of the Nyquist plot and impedance- and phase-frequency figures for 

AA7075 (cast, T6), AA7075-1.5 vol.% TiB2 (cast, T6), and AA7075-1.5 vol.% TiC (cast, T6) 

with (a) and (c) passivated surface, and (b) and (d) immersed surface after passivation. 

 

Table 5 - 6 Fitted electrochemical impedance parameters for AA7075 (T6), AA7075-1.5 vol.% 

TiB2 (T6), and AA7075-1.5 vol.% TiC (T6) (with a homogeneous passivation oxide layer) 

 AA7075 (cast, T6) 
AA7075-1.5 vol.% TiB2 

(cast, T6) 

AA7075-1.5 vol.% TiC 

(cast, T6) 

𝑹𝒔 (𝛀) 4.352 13.95 6.231 

𝑹𝒑 (𝛀) 289.4 832 2610 

𝑪𝒅𝒍 (𝝁𝑭) 49.919 59.59 22.12 

𝑹𝒐 (𝛀) 15.72 29.34 39.73 

𝑪𝒐 (𝝁𝑭) 65.335 51.42 25.93 
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Figure 5 - 65 Surface morphology after corrosion electrochemical measurement on passivated 

surface in (a) AA7075 (cast, T6), (b) AA7075-1.5 vol.% TiB2 (cast, T6), and (c) AA7075-1.5 

vol.% TiC (cast, T6). 

 

IGC Susceptibility Another important corrosion failure in AA7075 alloys and 

nanocomposites is intergranular corrosion (IGC). It stems from the initiation and penetration of 

pitting corrosion, and creates drastic damage to the materials’ integrity, as it propagates along the 

weakened GBs and GBPs 304 as well as the electrochemically different precipitate particles inside 

grains, as shown in Figure 5 - 65 (d) 305. 
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The IGC susceptibility of AA7075 alloys and nanocomposites (cast, T6) is summarized in 

Figure 5 - 66. The shorter IGC penetration depth and the fully protected IGC path by oxides in 

AA7075-1.5 vol.% TiC (cast, T6) and AA7075-1.5 vol.% TiB2 (cast, T6) confirms the beneficial 

role of nano-reinforcements in enhancing (re-)passivation capacity. The relatively intact secondary 

phases along the grain boundaries in Figure 5 - 65 also proves the enhanced IGC resistance in 

AA7075-1.5 vol.% TiB2 (cast, T6) and AA7075-1.5 vol.% TiC (cast, T6). The possible 

strengthening mechanism is associated with a more stable and nobler GBPs by nanoparticles that 

mitigate the localized possibilities in GBP-adjacent areas, as shown in Figure 5 - 65 (d). Further 

comparison with A206 alloy and mechanistic illustration will be discussed in section 5.2.8. 

Further characterization of the surface oxidation states of Al by XPS after the IGC 

immersion tests (see Figure 5 - 68) confirms that the oxide protection of AA7075-1.5 vol.% TiC 

(cast, T6) and AA7075-1.5 vol.% TiB2 (cast, T6) is more efficient. First, AA7075-1.5 vol.% TiC 

(cast, T6) and AA7075-1.5 vol.% TiB2 (cast, T6) both expose less metallic Al, which will mitigate 

the corrosion and IGC speed. Second, AA7075-1.5 vol.% TiC (cast, T6) and AA7075-1.5 vol.% 

TiB2 (cast, T6) both have higher hydroxide contents, which could serve as an effective pH buffer 

to suppress the drastic pitting-initiation environments 306.  

Generally speaking, based on the results in Figure 5 - 63 (b), Figure 5 - 64-Figure 5 - 66, 

and Table 5 - 6, it suggests that the better corrosion resistance in AA7075 (cast, T6) with TiC and 

TiB2 nanoparticles is closely related to and effectively promoted by the modified oxidation 

behavior. As the previous study shows that nanoparticles could introduce oxidation behavior more 

easily under the room temperature,298 the better protection from the oxide layer is the reason for 

the enhanced anti-corrosion performance in AA7075 (cast, T6) nanocomposite systems.  
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Figure 5 - 66 IGC-susceptibility measurement of (a) AA7076 (cast, T6), (b) AA7075-1.5 vol.% 

TiB2 (cast, T6), and (c) AA7075-1.5 vol.% TiC (cast, T6). 

 

Figure 5 - 67 Microscopy and pseudo-3D imaging of (a) AA7076 (cast, T6), (b) AA7075-1.5 

vol.% TiB2 (cast, T6), and (c) AA7075-1.5 vol.% TiC (cast, T6). 
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Figure 5 - 68 XPS results for Al 2s peak of (a) AA7076 (cast, T6), (b) AA7075-1.5 vol.% TiB2 

(cast, T6), (c) AA7075-1.5 vol.% TiC (cast, T6) 

 

Stress Corrosion Cracking After examing the corrosion behavior of the cast AA7075 and 

its nanocomposites, the stress corrosion cracking behavior was studied by a double cantilever beam 

setup, as shown in Figure 5 - 2.  

The results are summarized in Figure 5 - 69. The general trend of SCC in cast AA7075 

systems indicates that, with the incorporation of TiC and TiB2, the critical stress intensity for crack 

propagation in SCC is enhanced (3.59 𝑀𝑃𝑎 ∙ 𝑚0.5 for AA7075-1.5 vol.% TiC and 7.06 𝑀𝑃𝑎 ∙

𝑚0.5 for AA7075-1.5 vol.% TiB2, whereas the pure cast AA7075 could only have a critical stress 

intensity of 1.84 𝑀𝑃𝑎 ∙ 𝑚0.5).  

For lower stress intensity range (<10-15 𝑀𝑃𝑎 ∙ 𝑚0.5 ), the benefits of TiC and TiB2 

nanoparticles for SCC could come from the enhanced chemical stability in corrosive media and 

the more rapid passivation/oxidation, which is consistent with the experimental observation in 

Figure 5 - 65-Figure 5 - 68. 
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Figure 5 - 69 SCC crack propagation speed and the near-the-crack-tip fracture morphology of 

AA7075 (cast, T6), AA7075-1.5 vol.% TiB2 (cast, T6), and AA7075-1.5 vol.% TiC (cast, T6) in 

3.5 wt.% NaCl solution. 

 

When the stress intensity goes higher (>15 𝑀𝑃𝑎 ∙ 𝑚0.5), the incorporation of TiC and TiB2 

will only offer a comparable SCC crack propagation speed. The less significant SCC-mitigation 

than in the lower stress intensity range is possibly due to the fact that the crack under this stress 

intensity range is determined by both electrochemical and mechanical factors. At this range, the 

mitigation of SCC propagation requires more strength and ductility in GBs to withhold the crack 

initiation from stress accumulation. Besides, if the stress intensity is high, after the passivation and 

oxidation occur, the oxide will also easily grow near the stress-accumulated sites, and adversely 

contributes to a quicker crack growth (see the inserted SEM images for the crack-tip in Figure 5 - 
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69). The crack-tip morphology is consistent with the previous study on AA7075 systems by 

various cast procedures307. 

Supplementary Comparison for Stress Corrosion Cracking  The previous results in Figure 

5 - 69 for cast AA7075 and AA7075 nanocomposites with TiC and TiB2 in T6 heat treatment 

confirm the beneficial role of adding nanoparticles in the low stress intensity range, and the post-

SCC cracking tip under high stress intensity possibly shows a mechanics-dominated feature by the 

reduced ductility near the grain boundaries. Therefore, rationally designing the nanoparticles 

volume percentage (to a lower value) could be helpful to mitigate SCC behavior under high stress 

intensity range. 

Besides, in the practical applications, SCC-insensitive T73 heat treatment(i.e., 

solutionizing at 460 ℃ for 1 h and 475 ℃ for 2 h, water quenching at room temperature, aging at 

120 ℃ for 24 h, and then aging at 160 ℃ for 18 h) 308 will be used for AA7075 alloys. The anti-

SCC performance in AA7075 nanocomposites under T73 with less nanoparticles was studied as 

shown in Figure 5 - 70. 

Figure 5 - 70 (a) shows the SCC performance in AA7075, AA7075-0.75 vol.% TiC, and 

AA7075-0.75 vol.% TiB2 after T73 heat treatment. It shows that the benefits of TiC and TiB2 

nanoparticles at low stress intensity have been maintained, while in the high stress intensity range 

the SCC propagation speed slows to be very close to that of pure AA7075 (T73). The result is 

consistent with that under T6 heat treatment. 
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Figure 5 - 70 SCC crack propagation speed of (a) AA7075 (cast, T73), AA7075-0.75 vol.% 

TiB2 (cast, T73), and AA7075-0.75 vol.% TiC (cast, T73) in 3.5 wt.% NaCl solution and (b) 

AA7075 (cast, T73), AA7075-0.75 vol.% TiC (cast, T73), and AA7075-0.5 vol.% TiC (cast, 

T73) in 3.5 wt.% NaCl solution. 

 

Figure 5 - 70 (b) compares SCC performance of AA7075 (T73) with even less TiC 

nanoparticle volume percentages. It seems that  the SCC speed in samples with 0.5 vol.% TiC 

nanoparticles is only slightly lower that in samples with 0.75 vol.% TiC nanoparticles.  

In brief, the SCC result of AA7075 (T73) without TiC nanopaticles and with 0.5 vol.% and 

0.75 vol.% TiC nanoparticles still confirms the advantages of less nanoparticles for SCC mitigation 

at high stress intensity by possibly retarding the embrittlement process and regaining partial 

ductility via grain boundary modification and segregation,309–311 but it has a limit. It is reasonable 

as less nanoparticles will reduce the microstructural modification effects (including PFZs, GB and 

GBP strengthening, etc.). In addition to the mechanical behavior, the direct interface between 

nanoparticles and adjacent area would contribute to the SCC propagation both electrochemically 

and mechanically. As indicated in Figure 5 - 90, if treated individually, TiC and TiB2 have a much 

higher electrochemical potential than GBs and GBPs, this potential difference could lead to a 
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selective corrosion of the interface areas 310, even though the nanoparticle-dense GBPs and GBs 

have the overall strengthening effects against corrosion. In fact, this localized corrosion in an even 

more microscopic view will interact with the mehanics for cracking tip propagation (e.g., by quick 

hydrogen generation and oxygen depletion for passivation 95,310). This could explain why the 

effects of lowering the volume percentage of inert TiC and TiB2 could not bypass the SCC 

propagation limits.  More SCC experimental observation of the similar trend will be provided in 

section 5.2.8, and more future work is needed as discussed in Chapter 8. 

 

5.2.7 Corrosion performance of extruded AA7075/TiC and AA7075/TiB2 

nanocomposite 

Though AA7075 (cast, T6) is important for research purpose, AA7075 (extruded, T6) is 

more popular in various industrial applications. Therefore, how nanoparticles would tune the 

corrosion performance in AA7075 (extruded, T6) is of great importance for a stable long-term 

service. Following the abovementioned methods, the corrosion behavior of AA7075 (extruded, 

T6), AA7075-1.5 vol.% TiC (extruded, T6), and AA7075-1.5 vol.% TiB2 (extruded, T6) is further 

studied. 

Microstructure and Mechanical Properties Similarly, the distribution of nanoparticles in 

AA7075 (extruded, T6) could be further confirmed by the EBSD scanning in Figure 5 - 71. With 

the band-like structure formed by nanoparticles, the grain size of AA7075-1.5 vol.% TiC (extruded, 

T6) and AA7075-1.5 vol.% TiB2 (extruded, T6) shows different features, when compared with the 

cast AA7075 nanocomposites (T6). Away from the nanoparticle bands, the grains of AA7075-1.5 

vol.% TiC (extruded, T6) and AA7075-1.5 vol.% TiB2 (extruded, T6) are comparable to those in 

pure AA7075 (extruded, T6). Moreover, pure AA7075 (extruded, T6) exhibits smaller 
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recrystallized grains inside these large grains, whereas AA7075-1.5 vol.% TiC (extruded, T6) and 

AA7075-1.5 vol.% TiB2 (extruded, T6) do not have these features, which indicates nanoparticles 

could suppress the recrystallization process during hot extrusion by nanoparticles. On the contrast, 

in the nanoparticle-dense areas, the grain size is much refined in AA7075-1.5 vol.% TiC (extruded, 

T6) and AA7075-1.5 vol.% TiB2 (extruded, T6). Generally, the observation will introduce 

different corrosion response from the cast AA7075. 

Furthermore, given the ability to mitigate the recrystallization, the GB angles of AA7075 

systems (extruded, T6) show the similar trend as those of cast AA7075 samples (see Figure 5 - 

72). Both TiC and TiB2 nanoparticles could introduce a higher concentration of LAGBs, which 

might be conducive to the anti-corrosion performance for AA7075 (extruded, T6) samples. 

 

Figure 5 - 71 IPF figures and grain size distribution of (a) AA7075 (extruded, T6), (b) AA7075-

1.5 vol.% TiC (extruded, T6), and (c) AA7075-1.5 vol.% TiB2 (extruded, T6). (the thick dark 

lines indicate the HAGBs) 
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Figure 5 - 72 Grain boundary misorientation distribution (as well as the LAGB ratio and the 

average GB angles) of (a) AA7075 (extruded, T6), (b) AA7075-1.5 vol.% TiC (extruded, T6), 

and (c) AA7075-1.5 vol.% TiB2 (extruded, T6). 

 

Figure 5 - 73 shows the widths of the PFZ in extruded AA7075 (~34 nm), AA7075-1.5 

vol.% TiC (~19 nm), and AA7075-1.5 vol.% TiB2 (~26 nm). Clearly, the PFZ width is smaller in 

these extruded samples than in the cast ones (compared with Figure 5 - 62). The reason for this 

change is that extrusion process as a deformation processing method could significantly segregate 

Cu to GBs, reduce the grain boundary energy, and provide the extra Cu near the original PFZ 

range.150 
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Figure 5 - 73 PFZ width under aberration-corrected HRTEM of AA7075 (extruded, T6), 

AA7075-1.5 vol.% TiC (extruded, T6), and AA7075-1.5 vol.% TiB2 (extruded, T6). 

 

Corrosion electrochemistry As shown in Figure 5 - 74, the electrochemical responses in 

extruded AA7075 systems are different from the cast samples. On the fresh exposed surfaces (see 

Figure 5 - 74 (a)), both AA7075-1.5 vol.% TiB2 (extruded, T6) and AA7075-1.5 vol.% TiC 

(extruded, T6) have a higher corrosion potential, which indicates a better anti-corrosion 

performance than AA7075 (extruded, T6) and confirms a consistent trend to their cast counterparts 

(Figure 5 - 63 (a)). 

Figure 5 - 74 (b) shows the V-I curve for extruded AA7075 (T6) samples with the oxide 

layer-passivated surface. Unlike the results of cast AA7075 (T6) samples in Figure 5 - 63 (b), no 
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effective repassivation is observed in extruded AA7075 (T6) samples at this stage during the cyclic 

tests. When further examining the post-corrosion surface in Figure 5 - 76, it suggests that the main 

difference is caused by the nanoparticle distribution. Figure 5 - 76 (b) and (c) shows that the 

repassivation process in AA7075-1.5 vol.% TiB2 (extruded, T6) and AA7075-1.5 vol.% TiC 

(extruded, T6) is largely retarded by the pitting process near the nanoparticle band (even when the 

corrosion potential still proves  a better nobility in these nanocomposites), and the preferential 

corrosion near the nanoparticle bands expose the corrodible surface more quickly than the oxide 

re-covering during the cyclic electrochemical tests. The smaller impedance loop in Figure 5 - 74 

(b) is therefore introduced by this preferential accelerated corrosion and oxide layer consumption. 

After introducing the natural pitting on the passivated surface following the process in 

Figure 5 - 1, the corrosion signatures (as shown in Figure 5 - 74 (c)) in AA7075-1.5 vol.% TiB2 

(extruded, T6) and AA7075-1.5 vol.% TiC (extruded, T6) have shown a huge difference from their 

cast counterparts. The repassivation behavior is clear with the hysteresis current loop in AA7075-

1.5 vol.% TiB2 (extruded, T6) and AA7075-1.5 vol.% TiC (extruded, T6). In addition, the higher 

stability enabled by a higher corrosion potential at this state also proves the advantages from 

nanoparticles by introducing more efficient passivation process. 

Considering the results from Figure 5 - 74 (c), the smaller Nyquist impedance loop of 

AA7075-1.5 vol.% TiB2 (extruded, T6) and AA7075-1.5 vol.% TiC (extruded, T6) is reasonable: 

Even though the whole system is nobler after the surface is immersed for 24 h, the rapid continuous 

(re-)passivation contributes to a larger corrosion current (i.e., chemical current) and a smaller loop. 

The Nyquist curves showing the no low-frequency tails in Figure 5 - 75 (b) also indicate that the 

corrosion process is mainly dominated by the interface redox electron transfer process. Thus, the 
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results of Figure 5 - 74 (c) and Figure 5 - 75 (b) and (d) show a different influencing parameter 

to Figure 5 - 74 (b) and Figure 5 - 75 (a) and (c).  

 

 

Figure 5 - 74 Potentiodynamic corrosion curve for AA7076 (extruded, T6), AA7075-1.5 vol.% 

TiB2 (extruded, T6), and AA7075-1.5 vol.% TiC (extruded, T6) with (a) freshly exposed surface, 

(b) passivated surface, and (c) immersed surface after passivation. 
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Figure 5 - 75 Comparison of the Nyquist plot and impedance- and phase-frequency figures for 

AA7075 (extruded, T6), AA7075-1.5 vol.% TiB2 (extruded, T6), and AA7075-1.5 vol.% TiC 

(extruded, T6) with (a) and (c) passivated surface, and (b) and (d) immersed surface after 

passivation. 

 

Table 5 - 7 Fitted electrochemical impedance parameters for AA7075 (extruded, T6), AA7075-

1.5 vol.% TiB2 (extruded, T6), and AA7075-1.5 vol.% TiC (extruded, T6) (with a homogeneous 

passivation oxide layer) 

 
AA7075 (extruded, T6) 

AA7075-1.5 vol.% TiB2 

(extruded, T6) 

AA7075-1.5 vol.% TiC 

(extruded, T6) 

𝑹𝒔 (𝛀) 5.649 12.41 5.133 



212 

 

𝑹𝒑 (𝛀) 7578 193.7 424.3 

𝑪𝒅𝒍 (𝝁𝑭) 11.454 84.223 42.44 

𝑹𝒐 (𝛀) 20.61 24.05 27.45 

𝑪𝒐 (𝝁𝑭) 44.135 162.35 102.66 

 

 

 

Figure 5 - 76 Surface morphology after corrosion electrochemical measurement on passivated 

surface in (a) AA7076 (extruded, T6), (b) AA7075-1.5 vol.% TiB2 (extruded, T6), and (c) 

AA7075-1.5 vol.% TiC (extruded, T6). 
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IGC Susceptibility: The IGC-resistance was investigated by the same accelerated corrosion 

test. As shown in Figure 5 - 77, AA7075-1.5 vol.% TiB2 (extruded, T6) and AA7075-1.5 vol.% 

TiC (extruded, T6) both have shorter intergranular corrosion cracking traces than that in AA7075 

(extruded, T6). Similarly, the clear inner oxidation protection and denser surface corrosion sites 

are obvious in AA7075-1.5 vol.% TiB2 (extruded, T6) and AA7075-1.5 vol.% TiC (extruded, T6). 

This is consistent with our results for cast AA7075: The nanoparticles dispersed in the extruded 

AA7075 resulted in a quicker corrosion and oxidation with a less sensitive pitting corrosion 

initiation and evolution at or near the GBs; Due to the more uniform corrosion and less sensitive 

GBs with oxide covering (see Figure 5 - 78 and Figure 5 - 79), the IGC susceptibility dictated by 

corrosion penetration is reduced in AA7075-1.5 vol.% TiB2 (extruded, T6) and AA7075-1.5 vol.% 

TiC (extruded, T6).  

Besides, the difference of the corrosion performance between the cast and extruded 

AA7075 systems is also illustrated by the surface composition in Figure 5 - 68 and Figure 5 - 79. 

The nanoparticles in the extruded AA7075 still contribute to an increased oxidation and 

passivation behavior. However, the extruded AA7075 nanocomposites have nanoparticle bands, 

which transform the oxides into hydroxide (indicated by Al(OH)3 content in Figure 5 - 68 and 

Figure 5 - 79); This transition leads a chemical current and make the apparent impedance by the 

EIS measurement smaller in AA7075-TiC/-TiB2 (extruded, T6) (Figure 5 - 75). Thus, the band-

structure will greatly influence the dissolution equilibrium during the corrosion polarization. 

Since the oxidation process is still promoted in extruded samples with nanoparticles, when 

the Al(OH)3 formation is quicker, it needs a longer time to achieve fully effective passivation under 

the electrically unbiased condition (e.g., immersion process as shown in Figure 5 - 1), which 

results in a retarded repassivation process (as compared in Figure 5 - 63 (b) and Figure 5 - 74 (c)). 
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Figure 5 - 77 IGC-susceptibility measurement of (a) AA7076 (extruded, T6), (b) AA7075-1.5 

vol.% TiB2 (extruded, T6), and (c) AA7075-1.5 vol.% TiC (extruded, T6). 

 

 

Figure 5 - 78 Microscopy and pseudo-3D imaging of (a) AA7076 (extruded, T6), (b) AA7075-

1.5 vol.% TiB2 (extruded, T6), and (c) AA7075-1.5 vol.% TiC (extruded, T6) to show the thick 

oxide layer distribution. 
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Figure 5 - 79 XPS results for Al 2s peak of (a) AA7076 (extruded, T6), (b) AA7075-1.5 vol.% 

TiB2 (extruded, T6), and (c) AA7075-1.5 vol.% TiC (extruded, T6) to show surface oxide layer 

component ratio after IGC test. 

 

Stress Corrosion Cracking The SCC results of AA7075 (extruded, T6) is summarized in 

Figure 5 - 80. It shows that, with the nanoparticles’ incorporation and at the lower stress intensity, 

the SCC crack propagation speed in AA7075-1.5 vol.% TiC (extruded, T6) and AA7075-1.5 vol.% 

TiB2 (extruded, T6) is much slower than AA7075 (extruded, T6). In addition, this leads to a higher 

SCC-initiating critical stress intensity (KISCC) in both AA7075-1.5 vol.% TiC (extruded, T6) and 

AA7075-1.5 vol.% TiB2 (extruded, T6). At low stress intensity, the SCC could be mainly 

dominated by the corrosion process, and the effective oxide covering (after a long-term immersion) 

could mitigate the pitting-induced IGC process, which enhanced SCC resistance. 

However, when the stress intensity is larger (>15 MPa∙m0.5), the SCC propagation speed 

in AA7075-1.5 vol.% TiC (extruded, T6) and AA7075-1.5 vol.% TiB2 (extruded, T6) exceeds that 

of AA7075 (extruded, T6). The main reasons for this transition are due to the band-like 

nanoparticles and the brittleness by more rapid oxidation. First, as shown in Figure 3 - 16, Figure 

3 - 17, Figure 5 - 71 and Figure 5 - 76, the nanoparticle-dense band has distinctive corrosion 

morphology, which indicates the dense nanoparticle zones actually deteriorate the general 
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corrosion resistance and localize the corrosion behavior in the band areas (e.g., carbides are 

advantageous for the stable interfacial hydrogen entrapment 312,95). Second, as shown in the 

fractography, the cracking surface near the tip of AA7075-1.5 vol.% TiC (extruded, T6) and 

AA7075-1.5 vol.% TiB2 (extruded, T6) shows more brittle features, where more ductile dimples 

are observed in AA7075 (extruded, T6). As mentioned for corrosion and IGC behavior, 

nanoparticles could introduce a quicker passivation by oxides. The formation of oxides could 

potentially release hydrogen, and the oxide layer in between the grains could add to the brittleness 

of GBs, which reduce the ductility necessary for cracking mitigation and localize the plasticity 

under higher stress intensity.   

 

Figure 5 - 80 SCC crack propagation speed and the near-the-crack-tip fracture morphology of 

AA7075 (extruded, T6), AA7075-1.5 vol.% TiB2 (extruded, T6), and AA7075-1.5 vol.% TiC 

(extruded, T6) in 3.5 wt.% NaCl solution. 
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Generally speaking, for the cast and extruded AA7075 nanocomposites with TiC and TiB2 

nanoparticles: 

1) The incorporation of nanoparticles will refine the grains, increase the LAGB fraction, 

reduce the PFZs, and reduce the electrical conductivity, which is advantageous to anti-corrosion;  

2) AA7075 with nanoparticles will introduce a more effective passivation behavior, 

compared to their pure AA7075 matrix, either TiC or TiB2 is used; 

3) This passivation activity change by nanoparticles will lead to an enhanced anti-corrosion 

performance, particularly IGC resistance; 

4) The distribution of nanoparticles will cause the different electrochemical performance 

of cast and extruded AA7075 nanocomposites. XPS and surface morphology study confirms the 

accelerated hydration process of the passivation layer in the extruded AA7075 nanocomposites 

with the pseudo-dispersed nanoparticle bands. 

The results indicate that the incorporation of nanoparticles will introduce different 

distribution and microstructure in AA7075-TiC (extruded, T6) and AA7075-TiB2 (extruded, T6) 

to AA7075-TiC (cast, T6) and AA7075-TiB2 (cast, T6). The band-like features will heavily 

interact with the oxide passivation (by changing the oxide hydration process and tuning the 

electrochemical potential near the nanoparticle-band areas), oxide layer consumption process, and 

the resultant corrosion behavior. The anti-corrosion behavior of AA7075-TiC (extruded, T6) and 

AA7075-TiB2 (extruded, T6) could be further enhanced, if the nanoparticles could achieve a more 

homogeneous distribution. 
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Figure 5 - 81 Grain characteristics and SCC test direction of (a) AA7076 (extruded, T6), (b) 

AA7075-1.5 vol.% TiB2 (extruded, T6), and (c) AA7075-1.5 vol.% TiC (extruded, T6). (For cast 

samples, since the grains have no orientation preference, the directional figure is not shown here) 

 

 

Figure 5 - 82 VSI mapping, SEM imaging, and EDS mapping of AA7075-1.5 vol.% TiB2 (T6) 

and AA7075-1.5 vol.% TiC (T6) in as-cast state after 1 min HNO3 passivation with their fresh 

surface, showing that the uniformly passivated surface has not presented early pits and will not 

affect electrochemical measurements. 
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Figure 5 - 83 Potential corrosion modes for (a) freshly exposed surface, (b) passivated surface, 

and (c) immersed surface after passivation in the electrochemical measurements. 

 

5.2.8 Corrosion performance of A206/TiC nanocomposites 

For cast A206 alloy, the effects of TiC nanoparticles on its corrosion performance are 

studied in its different heat treatment states, i.e., SCC-insensitive T4 state and SCC-sensitive T6 

state.  

Electrochemistry in A206-TiC nanocomposites: The most common case for corrosion in 

Al alloys and composites is when their surfaces are exposed and oxidized before immersed, due 

to the high chemical reactivity of fresh Al. Therefore, to distinguish the effects of the pre-formed 

oxide layer on the corrosion process, the passivated surface is of interests in this study (as shown 

in Figure 5 - 84), and will be compared with the corrosion behavior taking place on the freshly 

exposed (see Figure 5 - 94) and immersed/pitted surfaces (see Appendix Figure 5 - 95). 

For the passivated surface corrosion in T4 and T6 heat treatment states, the corrosion 

potential of A206-1.5 vol.% TiC is both higher than A206 (76 mV higher in T4 state and 39 mV 

higher in T6 state, respectively), which indicates a nobler reactivity. Second, the corrosion current 

near the corrosion potential of A206-1.5 vol.% TiC is also smaller than or similar to that of pure 

A206, which further confirms a slower corrosion speed. Third, since the cyclic polarization is used 
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for measurement, the intersecting point will demonstrate the (re-)passivation range, above which 

the corrosion current during back-scanning is smaller than that during forth-scanning. As shown 

in Figure 5 - 84 (b) and (c), the TiC nanoparticles will introduce a clear re-passivation potential 

in A206 alloys and demonstrate the re-passivation protection on the corroded surfaces, whereas 

pure A206 in T4 and T6 does not have this advantage.  

Further looking into the EIS results from impedance values and phase angle in Figure 5 - 

84 (b) and (c), the phase angle evolution trend is similar between A206 and A206-1.5 vol.% TiC 

under both T4 and T6 heat treatment. However, the EIS loop of A206-1.5 vol.% TiC is smaller 

than pure A206 after both T4 and T6 heat treatment. Given the beneficial re-passivation behavior 

by TiC nanoparticles, it could be concluded that the smaller EIS loop is introduced by the quicker 

oxidation process (mainly 4Al + 3𝑂2 → 2Al2𝑂3) 

 

Figure 5 - 84 (a) The illustrative impedance model for corrosion with passivation layer; the 

potentiodynamic scanning curve and the EIS impedance plots for A206 and A206-1.5 vol.% TiC 

in (b) T4 and (c) T6 heat treatment state. 
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The post-corrosion surface morphology in Figure 5 - 85 and Figure 5 - 86 supports the 

effects of quick passivation by TiC nanoparticles. In both T4 or T6 state, the TiC-incorporated 

A206 nanocomposites have more intact oxide layer covering (see Figure 5 - 85 (b) and Figure 5 

- 86 (b)). Particularly, since T6 state is the IGC- and SCC-sensitive state, the grain boundaries and 

adjacent areas are heavily attacked, as shown in Figure 5 - 86 (a). However, after TiC 

nanoparticles are added, the corrosion process will yield dense oxide layer that sticks to the grain 

boundaries and adjacent areas tightly (see Figure 5 - 86). The surface oxygen element estimation 

by EDS mapping in Figure 5 - 87 supports this hypothesis. Therefore, though the nanocomposites 

in different heat treatment states have a smaller corrosion-resistance as indicated by the smaller 

impedance loop, the uniform corrosion and the rapid covering of corrosion-susceptible locations 

are more advantageous for reducing the localized corrosion. 
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Figure 5 - 85 The post-corrosion surface morphology and microstructure of (a) A206 (T4) and 

(b) A206-1.5 vol.% TiC (T4). 
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Figure 5 - 86 The post-corrosion surface morphology and microstructure of (a) A206 (T6) and 

(b) A206-1.5 vol.% TiC (T6). 
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Figure 5 - 87 The O/Al element ratio on the post-corrosion surface of A206 and A206-1.5 vol.% 

TiC under (a) T4 and (b) T6 heat treatment state. 

 

IGC behavior in A206-TiC nanocomposites IGC-corrosion is a corrosive degradation 

attacking grain boundary and adjacent areas specifically. Due to the easy diffusion along the grain 

boundaries, the potential stress concentration near the corrosion tip, and the complex interaction 

with grain boundary precipitates, the IGC propagation would be detrimental to the localized 

properties and may lead to the initiation and propagation of SCC. 

Figure 5 - 88 and Figure 5 - 89 show the IGC susceptibility test results for A206 and 

A206-1.5 vol.% TiC in T4 and T6 states. It can be seen that the TiC incorporation could reduce 

the IGC penetration depth greatly and seal the corroded grain boundaries to resist the further 

preferential IGC attack. The IGC susceptibility results in Figure 5 - 88 and Figure 5 - 89 are 

consistent with the passivation-mitigated corrosion process observed in Figure 5 - 85 and Figure 

5 - 86. 

 



225 

 

Figure 5 - 88 The IGC test results of (a) A206 and (b) A206-1.5 vol.% TiC in T4 

 

Figure 5 - 89 The IGC test results of (a) A206 and (b) A206-1.5 vol.% TiC in T6 

 

Here, although A206 nanocomposites show a similar IGC mitigation effect to that of 

AA7075 nanocomposites (see Figure 5 - 66 and Figure 5 - 77), the electrochemical mechanism, 

particularly the preferential localized corrosion initiation, is different. 

As shown in Figure 5 - 90 (a-1) and (a-2), for AA7075 alloys, since the electrochemical 

potential for the different features (e.g., TiC has the corrosion potential of -107 mV, 313 whereas 

the electrochemical potential for TiB2 is -432 mV 122), the most susceptible microstructure to 

corrosive media is grain boundary precipitates (GBPs). However, no matter in peak-aged (T6) or 

overaged (T73) state, the GBPs linked to the surface is little. Therefore, since the inner-grain 

precipitates are in higher concentration and the GB has a similar potential with the matrix, during 

the first step of corrosion on the surface, the corrosion process would be mostly uniform (see the 

illustration in Figure 5 - 65 (d)). Only when the corrosion uniformly proceeds and penetrates to 
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the GBPs at different locations, shall the localized corrosion (to introduce IGC, etc.)  be initiated. 

Since the incorporated nanoparticles like TiB2 and TiC would pseudo-disperse at GBs and near 

GBPs, the nanoparticles will slow down the localized corrosion near the GBs by strengthening 

GBPs, as shown in Figure 5 - 90 (a-2). 

However, since the GB is denser than the GBPs on the surfaces and has the lowest 

corrosion potential in A206, the corrosion initiation is directly dominated by a localized mode (See 

Figure 5 - 90 (b-1)). The generally longer IGC penetration depth in Figure 5 - 88 and Figure 5 - 

89 of A206 than AA7075 in Figure 5 - 66 and Figure 5 - 77 supports this mechanism. Considering 

the distribution of nanoparticles in the GB-adjacent areas (including PFZs), the nanoparticle-

introduced IGC-mitigation in A206 alloys is enabled by the GB-strenghtening effects, instead of 

GBP-strengthening effect. Knowing GBs act as the corrosion-susceptible paths in A206, Figure 5 

- 90 (b-1) and (b-2) would then show different meaning for the A206 in T4 and T6 states. A206 

(T6) would have larger PFZ zones due to the element depletion by larger and more continuous 

GBPs than A206 (T4) near GBs. Therefore, because of the initial exposed dense GBs with PFZs 

to the surface, A206 (T6) is generally more susceptible to localized corrosion than A206 (T4) (as 

shown by the comparison of Figure 5 - 88 and Figure 5 - 89). 
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Figure 5 - 90 The localized corrosion initiation and IGC mitigation mechanisms in (a-1) and (a-

2) AA7075 and its nanocomposites and (b-1) and (b-2) A206 and its nanocomposites with TiC 

and TiB2 incorporation. 

 

SCC behavior in A206-TiC nanocomposites: Knowing the beneficial effects of TiC 

nanoparticles to suppress the IGC susceptibility and introduce more homogeneous corrosion by 

more efficient rapid oxidation process, it is also of great interests to quantify the SCC susceptibility 

in these A206-TiC nanocomposites. 
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Figure 5 - 91 shows the SCC comparison between A206 and A206-1.5 vol.% TiC in their 

SCC-sensitive T6 state. The crack propagation speed by the immersion tests could be divided into 

2 parts. Under the lower stress intensity range (<10 MPa ∙ 𝑚0.5 ), the incorporation of TiC 

nanocomposites reduces the SCC sensitivity by lowering the crack propagation speed. This 

mitigation of SCC failure gives a higher critical stress intensity of ~6.67 MPa ∙ 𝑚0.5 in A206-1.5 

vol.% TiC (T6). Under this stress intensity range, the improved SCC behavior is associated with 

the effective surface oxide layer covering/passivation (see Figure 5 - 85-Figure 5 - 87) and the 

resultant better anti-IGC performance (see Figure 5 - 89).  

Under the high stress intensity range (>15 MPa ∙ 𝑚0.5), the crack propagation speed of 

A206-1.5 vol.% TiC (T6) is slightly higher than that of pure A206 (T6). The less effective SCC 

control under high stress intensity range is likely due to the reduced ductility and microscopic 

interfacial corrosion couple by nanoparticles and their immediate adjacent areas in A206-1.5 vol.% 

TiC (T6).311 As shown in the previous studies 314, the incorporation of TiC nanoparticles can 

narrow down the PFZ zone width, particularly near the TiC-dense zone 315. However, the 

incorporation of TiC nanoparticles also induce more matrix/precipitate-nanoparticle interfaces, 

which could efficiently serve as the void/porosity nucleation sites under stress 316 or by dynamic 

chemical change (e.g., local corrosion depletion enabled by these micro-interfaces) 4,311. When the 

nanoparticles are pseudo-dispersed, the apparent void/porosity spacing is smaller, and the denser 

corrosion porosity near the TiC-dense area could have a higher chance to coalesce through the 

heterogenous micro-interfaces. Thus, the smaller PFZ length to void spacing ratio will introduce 

an easier intergranular fracture 311. Particularly, the higher stress intensity will also give a higher 

chance of intergranular fracture 311. The fracture mechanics dominates the SCC cracking under the 

higher stress intensity and counteract on the beneficial effects of passivation in the corrosion, 
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which lead to a weaker SCC control by pseudo-dispersed nanoparticles. It would be of interest to 

investigate how A206 with less TiC nanoparticles, thus possibly better plasticity at GB areas, will 

behave in SCC testing. 

 

Figure 5 - 91 The SCC crack propagation test results of (a) A206 and (b) A206-1.5 vol.% TiC 

under T6 heat treatment state. 

 

For the SCC behavior of A206 and A206-1.5 vol.% TiC in their T4 state, the results are 

similar. Due to the natural SCC-insensitivity of alloy matrix, Figure 5 - 92 shows that the SCC 

propagation speed is plateaued and comparable though the whole measurable stress intensity range. 

The overall SCC-resistance is also likely determined by the balanced passivation protection during 

corrosion and plasticity mechanics by nanoparticle incorporation. Given the results in AA7075 

(T73) system from Figure 5 - 70, as the 1.5 vol. % TiC nanoparticles seems to be overdosed for 

the high stress intensity range, it is expected that a  lower volume percentage (~0.75 vol.%) of TiC 

(see Figure 5 - 92) would give a better SCC-resistance under the high stress intensity range. This 
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observation supports that, under higher stress intensity, the ductility change near the grain 

boundary (along with the grain boundary precipitates) is the key to further mitigate the SCC 

problems in A206 alloy, which is also consistent with the findings in Figure 5 - 70. 

 

Figure 5 - 92 The SCC crack propagation test results of A206 and A206-1.5 vol.% TiC in T4 

 

In short, for A206-TiC nanocomposites, the corrosion behavior is also largely determined 

by the TiC nanoparticles. The pseudo-dispersion of TiC near and along the grain boundary and 

secondary phase strengthen the grain boundaries, and the more rapid passivation near the TiC-

dense zone introduces a more uniform corrosion feature. Though quicker, the uniform corrosion 

accompanying rapid passivation help reduce its IGC susceptibility. As a results, the mitigated IGC 

performance contributes to a much lower SCC-susceptibility in A206-TiC nanocomposites under 

the lower stress intensity. However, under higher stress intensity, due to the strengthening effect 

and microstructural modification in A206-TiC nanocomposites, the likely lowered ductility along 

GBs by pseudo-dispersed nanoparticles makes the SCC-control less effective. Moreover, as 
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mentioned for cast AA7075 and its TiC- and TiB2-reinforced nanocomposites, the direct interface 

between nanoparticles and adjacent area would have an abrupt electrochemical potential change, 

due to the inertness of TiC and TiB2 (see Figure 5 - 90) 310. Even though the nanoparticle could 

strengthen GBPs and GBs against corrosion, this microscopic galvanic corrosion process will 

compromise the strengthening effects against corrosion and could lead to the interaction with 

cracking tip propagation by oxygen depletion for passivation, etc. 95,310 Therefore, the addition of 

even lower percentage of inert TiC and TiB2 could not outcompete the SCC propagation in pure 

A206 alloy. 

Generally speaking, the T4 and T6 states have the similar corrosion effects, but a lower 

volume percentage of TiC nanoparticles could help with the anti-SCC behavior under the higher 

stress intensity range, likely due to the less plasticity loss near and along grain boundary and less 

microscopic interfacial galvanic corrosion at the nanoparticle-matrix/precipitate boundaries. 

 

Appendix Figure 5 - 93 shows that the pre-passivation by 70.0 wt.% concentrated HNO3 

will not change the surface integrity and introduce sensible corrosion during the process.  
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Figure 5 - 93 The post-passivation surfaces with oxides of A206-1.5 vol.% TiC in (a) T4 and (b) 

T6 heat treatment state. 

 

Figure 5 - 94 considers the corrosion process on the freshly exposed A206 and A206-1.5 

vol.% TiC surfaces of both T4 and T6 states. In this process, since the surface has very high 

reactivity in the 3.5 wt.% NaCl solution, the forth and back EIS scanning shows a less overlap (see 

Figure 5 - 94 (b) and (c)). Clearly, due to the higher anti-corrosion performance, the T4 state 

generally has a larger impedance than the T6 state. Besides, considering the effects of the TiC 

nanoparticles, the smaller impedance loop confirmed that A206-TiC could introduce the 

electrochemical reaction more easily. As the same case with the previous studies 317 and our study 

for AA7075 systems, this electrochemical change indicates a more rapid oxidation process to give 

more passivation and obtain more uniform surface corrosion. For the samples after 24h immersion 

in the corrosion medium, Figure 5 - 95 indicates a similar phenomenon with Figure 5 - 94.  
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Figure 5 - 94 (a) The illustrative impedance model for corrosion with freshly exposed surface; 

the potentiodynamic scanning curve and the EIS impedance plots for A206 and A206-1.5 vol.% 

TiC in (b) T4 and (c) T6 heat treatment state. 
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Figure 5 - 95 (a) The illustrative impedance model for corrosion with immersed and pitted 

surface; the potentiodynamic scanning curve and the EIS impedance plots for A206 and A206-

1.5 vol.% TiC in (b) T4 and (c) T6 heat treatment state 

 

5.3 Summary  

In this chapter, a systematic study into the chemical stability (i.e., high-temperature 

stability and anti-corrosion performance) of the nanocomposite systems was conducted. 

First, the Mo-enhanced chemical stability of TiC nanoparticles during the solidification 

processing of Al-TiC nanocomposites was investigated. In brief, the addition of Mo into the Al-

TiC system is advantageous for its chemical stability at the favorable Al processing temperature 

range (~750 °C). Mo increases the reaction activation energy by about 0.069 eV and introduces a 

lower reaction diffusion coefficient during the reaction between Al and TiC. During the reaction, 

Mo will form intermetallic products with Al3Ti(Mo) more slowly, thus making the intermetallic 
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phase finer. This observation would be important to designing a more robust and wider processing 

temperature window for Al-TiC nanocomposites and effectively suppressing their chemical 

reactions below 750 ℃. 

Second, as metals and alloys are prone to oxidation, how nanoparticles could tune the 

thermal oxidation behavior of metal matrix nanocomposites was systematically analyzed.  

The Zn-dominant stress-assisted thermal oxidation in Cu-40Zn/WC nanocomposites show 

continuous oxidation features, and the incorporation of WC share the thermal stress by a similar 

load-bearing capacity to mitigate the Zn oxidation process. The study in this chapter systematically 

analyzed the thermal stability (i.e. phase stability and anti-oxidation) of Cu-40 wt.% Zn up to high 

temperatures and confirmed the beneficial role of WC nanoparticles in the enhanced thermal 

stability of Cu-40 wt.%/WC nanocomposites. The oxidation rate analysis, SEM surface, and FIB 

cross-section images proved the different morphology from nano-rod to nano-plates introduced by 

WC nanoparticles and the important role of WC nanoparticles as oxidation path hindrance. 

Meanwhile, the DSC analysis validated the postponed phase transition trend in the Cu-40 wt.% 

Zn/10 vol.% WC nanocomposites. The results are summarized in Figure 5 - 34. As for the Cu-40 

wt.% Zn alloy, the enhanced thermal stability by WC nanoparticles broadens its usage in fields as 

naval brass for heat exchangers and beyond. 

For Al-ZrB2 nanocomposites, due to the self-limiting nature of Al oxidation, the 

incorporation of nanoparticles would speed up the surface oxidation process at lower temperature 

by rupturing the oxide film and reduce the oxidation rate at higher temperature by increasing 

atomic-scale electric Mott potential. In this study, the effects of ZrB2 nanoparticles are studied by 

both dynamical and kinetic measurements: Under lower temperature (<673 K), Al-ZrB2 

nanocomposites exhibit a higher oxidation rate than pure Al. The exposed ZrB2 nanoparticles 
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breaks the continuity of the oxide layer, and the cation-deficient mode makes this temperature-

range electric field-controlled. However, under higher temperature (> 673 K), Al-ZrB2 has a better 

anti-oxidation performance, thanks to the delay of the amorphous-to-crystalline phase change of 

Al2O3. This observation is confirmed by the Mott-Cabrera model analysis: The Al-5 ZrB2 

nanocomposites have both higher Mott potential and greater activation energy barrier. When the 

oxidation temperature is lower, Mott potential, as well as higher O/Al ratio, makes Al-ZrB2 easier 

to be oxidized initially; on the other hand, when the temperature is higher, the activation energy 

barrier is more dominant and leads to a slower oxidation rate. With the different characteristics of 

the oxide layer, it has been further demonstrated that the post-oxidation surface of Al-ZrB2 

nanocomposites has different wettability and corrosion-performance. The Al-ZrB2 oxidized 

surface has a larger contact angle, more noble corrosion potential, and higher corrosion resistance.  

With this understanding from the oxidation process of Zn and Al individually, the coupled 

oxidation between Zn and Al is studied in alloy systems (i.e., AA7075 alloy). The study in this 

chapter shows that there is a strong interaction between TiB2 nanoparticles and oxide formation 

during the oxidation of AA7075 nanocomposites: At a lower temperature (e.g., 400 ℃), the TiB2 

nanoparticle will rupture the self-limiting Al2O3 film to increase its oxidation speed. When the 

temperature is above the solutionizing temperature (e.g., 600℃) of the MgZn2 secondary phases, 

TiB2 nanoparticles will help increase the element (Zn and O) concentration gradient and reduce 

the roughness of the wavy Al2O3 film due to much-refined grains. The nanoparticles generate a 

different oxide surface pattern and change the inward oxidation penetration depth in AA7075-TiB2. 

Generally speaking, Zn can be oxidized to a large depth in AA7075 and AA7075-TiB2 even after 

the Al2O3 oxide film is formed. The TiB2 nanoparticles can dynamically regulate the whole process 

by lowering the Zn oxidation rate. Considering the large oxygen penetration depth along the Zn-
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rich phase and the oxidation control from TiB2, this understanding would be of significance for 

the processing AA7075 and its nanocomposites under high temperature or high temperature 

gradient. 

After systematically understanding the oxidation behavior in metal nanocomposites 

(mainly Al alloy nanocomposites), the environmentally assisted degradation (i.e., corrosion) 

performance in metal nanocomposites have been studied in detail. For the corrosion investigation, 

industrially important Al alloys AA7075 and A206 via different manufacturing routes (i.e., cast 

and extrusion) and post-processing states (i.e., T4, peak-aged T6, and overaged T7) have been 

selected for the study.  

The study revealed that the incorporation of nanoparticles will refine the grains, increase 

the LAGB fraction, reduce the PFZs, and reduce the electrical conductivity slightly, which are all 

advantageous to increasing the anti-corrosion performance. Moreover, Al alloys with 

nanoparticles will introduce a more effective passivation behavior, leading to an enhanced anti-

corrosion performance, esepcially IGC resistance. Therefore, for SCC behavior, under low stress 

intensity range where the static corrosion process is dominating, the SCC crack propagation will 

be advantageously mitigated by nanoparticles. In brief, nanoparticles will introduce different phase 

distribution and microstructure in AA7075-TiC (extruded, T6) and AA7075-TiB2 (extruded, T6) 

to AA7075-TiC (cast, T6) and AA7075-TiB2 (cast, T6). The pseudo-dispersed nanoparticles will 

heavily interact with the oxide passivation (by changing the oxide hydration process and tuning 

the band-surrounded electrochemical potential), oxide layer consumption process, and the 

resultant corrosion behavior. The nanoparticles in A206 alloy system play a similar role with those 

in AA7075. 
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In summary, the effects of nanoparticles on the overall chemical stability in metal 

nanocomposites have been studied in depth. In this chapter, the intrinsic thermal stability of metal 

matrix and incorporated nanophases has been investigated by considering the interfacial chemical 

process, and quantitatively determined the chemical reaction dynamics and kinetics. The method 

to mitigate Al-TiC reaction and Al-Si-TiC reaction was proposed. Later, the whole system’s 

thermal stability was studied by investigating the thermal oxidation process of Zn- and Al-

contained system. The decoupled oxidation features of Zn and Al interact differently with the 

incorporated nanoparticles, and this understanding is of great importance to understand the coupled 

oxidation behavior in Al alloys such as AA7075. After the oxidation process is clarified, together 

with the electrical property study in Chapter 4, the interaction between nanoparticles (TiC and 

TiB2), metal matrix (Al), grain boundary features, and pecipitates (after different heat treatment) 

in the corrosion processes including passivation, pitting, IGC, and SCC. For corrosion-dominant 

processes, due to the stabilized electrons, more rapid (re-)passivation, and microstructural 

modifications near the GBPs and PFZs, the incorporation of chemically stable ceramic 

nanoparticles could be conducive to the corrosion mitigation. Particularly, for SCC behavior in 

AA7075 and A206 alloys, under the lower stress intensity range, the nanoparticles could 

effectively reduce the crack propagation speed by enhancing the corrosion resistance, which is 

consistent with the study on immersion corrosion, pitting, and IGC study. For the SCC propagation 

under the higher stress intensity range, the interplay between corrosion and mechanical behaviors 

likely makes the SCC speed local mechanics-sensitive 311, which leads to a comparable yet slightly 

higher propagation speed. The pseudo-dispersion of nanoparticles into the GBs and GBPs could 

reduce the ductility in these areas and lead to a possible microscopic galvanic corrosion by the 

high-density nanoparticle-matrix/precipitate interfaces, thus counteracting on the beneficial 
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corrosion-mitigating effects. Our results indicate that by rationally deisgning and lowering the 

nanoparticle’s volume percentage, other advantageous effects by incorporating nanoparticles 

could be maintained, while the high-stress-intensity SCC propagation could be further mitigated 

and improved. 

Overall, this chapter provides an in-depth study on the effects of nanoparticles on the 

chemical stability of metals containing nanoparticles. The understanding into the synthesis 

chemical reaction, thermal stability against oxidation, and anti-corrosion performance proves the 

great potential of using nanoparticles to enhance the anti-degradation behavior in metal 

nanocomposites and could serve as the useful guide for the novel metal/alloy nanocomposite 

design. 
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CHAPTER 6 EFFECT OF NANOPARTICLES ON 

TRIBOLOGICAL PERFORMANCE OF METALS 

6.1 Experimental method  

Sample Preparation and Characterization: 1.5 vol.% TiB2 was chosen based on the study 

from Akbari et al. 318 as the optimal nanoparticle percentage in aluminum alloys for tribological 

applications. The AA7075(T6)-1.5 vol.% TiB2 nanocomposite was fabricated via the following 

method: K2TiF6 and KBF4 were added to molten pure Al at 750-800 °C for 15-20 min to in situ 

synthesize Al-TiB2 master 2. At this stage, TiB2 was designed to be at 3 vol.%; Then, the Al-TiB2 

master was diluted and alloyed with the elements needed to yield AA7075’s composition. T6 heat-

treatment (i.e., homogenization at 480°C for 2 hours, then quenching in water at 25°C, finally 

aging at 120°C for 24 hours) was used to obtain the AA7075(T6)-1.5 vol.% TiB2 nanocomposite. 

Commercial AA7075(T6) was used as the reference material. More details could be referred to in 

Chapter 3.  

The microstructure and composition distribution were revealed by SEM and EDS (on 

equipment model Zeiss Supra and equipment model JEOL JED-2300). The Mohs hardness and 

the Young’s modulus were measured via nanoindentation on Bruker Nanoindenter Pro with 9 

readings for each sample. For further comparison, the microhardness of the samples was measured 

on Microhardness Tester LM800A (under the load of 200 gf and for 10 sec dwell time, 10 readings 

for each sample). 

New CoF Measurement and Analyses A new CoF measurement setup was built based on a 

low-profile wall shear sensor developed by Xu et al. 319. As shown in Figure 6 - 1 (a), the 

counterpart plate made of AA5083 (135 HV), Fe-A247 (505 HV), Fe-52100 (848 HV), and Si 

(1161 HV) was attached to the floating element, and the friction force between the sample and 
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counterpart displaced the floating element (connected to a set of flexure beams). The displacement 

of the counterpart plate was precisely measured by an optical encoder (M2000 linear encoder, 

Celera Motion Inc.) with 78 nm resolution and 512 Hz sampling frequency. The friction force on 

the counterpart plate was linear to the floating element displacement with a spring constant of 

~8000 N/m. The resolution of measured friction was therefore ~10-4 N, which cannot be achieved 

by any pin-on-disc measurement so far. Also, since this setup guaranteed the sensitivity to record 

the shear force only along the movement direction, it helped reveal the microscopic area-dependent 

shear nature of the friction contact with minimum wear influence and surface destruction 320. The 

whole setup has an absolute uncertainty of 10% 321. The setup was calibrated with the friction 

between pure Cu and Al, and the measured values were consistent with previous studies under 

similar conditions 322. (See Table 6 - 1) The displacement of the counterpart plate was recorded 

and converted to CoF. Six measurements have been done for each material combination with this 

new method. 

 

Figure 6 - 1 (a) The illustration and the real model of the precise CoF measurement setup 

enabled by high-resolution displacement measurement with an optical encoder (overview and 

cross-section view); (b) The illustration of the traditional pin-on-disc measurement. 

 

(a) (b) 
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For both pure AA7075(T6) and AA7075(T6)-1.5 vol.% TiB2 nanocomposites, the samples 

were cut to the size of 1.5 cm in diameter and 0.2 cm thickness by wire EDM. Then, the sample 

surfaces and the counterpart surfaces were mechanically polished using up to 1200 grit. During 

polishing, anhydrous ethanol (200 proof) instead of water (i.e., with 0.02 um Al2O3-ethanol 

solution) was used to minimize the surface oxidation effect before the tests. Due to the same 

reason, relatively shorter time was used for now, because the freshly prepared sample surface 

would be easily oxidized to influence the measurement of their intrinsic CoF. The total sliding 

stroke in the test was 100 mm. 

After the tests with the proposed method, the counterpart surfaces were characterized via 

XPS to review the composition change and atom transfer. Also, to confirm that little influence of 

wear was included, confocal surface profiling by equipment Wyko NT3000 was used to obtain the 

surface profile data for the counterpart surface with a scanning area of 300 μm×230 μm.  

Figure 6 - 1 (a) The illustration and the real model of the precise CoF measurement setup 

enabled by high-resolution displacement measurement with an optical encoder (overview and 

cross-section view); (b) The illustration of the traditional pin-on-disc measurement. 

Pin-on-Disc Measurement The pin-on-disc measurement was set up with 400 rpm rotation 

speed and 1.0 cm wear trace diameter, as shown in Figure 6 - 1 (b). The pins were made of the 

counterpart materials of AA5083, Fe-A247, Fe-52100 and Si with a diameter of 7.0 mm, while the 

discs were fabricated from AA7075(T6) and AA7075(T6)-1.5vol.% TiB2 samples with a diameter 

of 1.5 cm, respectively. The load was ≥100 kPa (~1 N with the real contact area of <0.1 cm2, 

because the end of the sample pin has been grinded and polished into a circular conical frustum 

shape with a diameter of ~3.0 mm). The calibrated sliding speed was 0.209±0.006 m/s with 10,000 

cycles (i.e., the total sliding length of 315 m) to achieve a steady state for wear (longer than the 
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steady state for friction). 2 measurements have been done for each material combination to 

compare with the results from the proposed method. 

After the pin-on-disc measurement, the profiles of both the counterpart pins and sample 

discs were measured, and the pin-surface elements were analyzed with the EDS mapping.  

The specific wear rate (SWR) by the Archard method 323 was measured through the surface 

profiles of the sample discs by means of the following equation: 

 𝑆𝑊𝑅 =
𝑉𝐿(𝑚𝑚3)

𝐹(𝑁)×𝑆𝐷(𝑚)
=

𝑀(𝑚𝑚2)×𝜋𝑑

𝐹(𝑁)×(𝐶×𝜋𝑑)
=
𝑀(𝑚𝑚2)

𝐹(𝑁)×𝐶
× 1000

𝑚𝑚

𝑚
 (6-1) 

where VL is the worn volume (here the worn volume of the sample disc), F the applied 

normal load, and SD the sliding distance during the experiment. M means the 2D worn cross-

section profile area by the Archard method, d is the wear trace diameter (i.e., 1.0 cm), and C 

denotes the number of total sliding cycles during the tests. It should be noted that though the new 

proposed method depends on linear motion and the pin-on-disc test is rotatory, these 2 methods 

are gauging the same dry sliding tribological behavior 324 with mechanical and chemical wear 

nature. 

 

6.2 Experimental results  

Microstructure and Mechanical Properties As shown in Figure 6 - 2, the TiB2 

nanoparticles have been uniformly dispersed in the alloy secondary phases in a pseudo-dispersion 

state. The mechanical properties are also enhanced in the AA7075(T6)-1.5vol.% TiB2 

nanocomposite: As shown in Figure 6 - 3, the AA7075(T6)-1.5vol.% TiB2 nanocomposite offers 

a Young’s modulus of 79.0 GPa (7.0 GPa higher than the pure samples) and a hardness of 2.8 GPa 

(0.5 GPa higher) and 193 HV (14 HV higher). 
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Figure 6 - 2 (a) The microstructure of AA7075(T6)-1.5 vol.% TiB2 nanocomposites with the 

refined secondary phases; (b) and (c) The EDS mapping showing the element distribution in 

AA7075(T6)-1.5 vol.% TiB2 nanocomposites. 

 

Figure 6 - 3 (a) Young’s modulus, (b) Mohs hardness, and (c) Vickers hardness of pure 

AA7075(T6) and AA7075(T6)-1.5 vol.% TiB2 nanocomposites. 

 

Tribological Performance by the New Method Figure 6 - 4 shows the real-time friction 

evolution of the CoF for pure AA7075(T6) and AA7075(T6)-1.5 vol.% TiB2 nanocomposite 

against AA5083, Fe-A247, Fe-52100, and Si wafer counterpart surfaces, respectively. It can be 
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seen that the proposed measurement method gives continuous rapid CoF data collection and leads 

to a quicker steady measurement condition.  

 

Figure 6 - 4 CoF values for AA7075(T6) and AA7075(T6)-1.5 vol.% TiB2 nanocomposites 

during the measurement against (a) Marine grade AA5083 counterpart; (b) Fe-A247 iron 

counterpart; (c) Fe-52100 iron counterpart; and (d) Si counterpart (wafer). 

 

After the friction tests, the averaged CoF is determined for pure AA7075(T6) and 

AA7075(T6)-1.5vol.% TiB2 nanocomposites, as shown in Figure 6 - 5. Except for the CoF against 

AA5083 and Fe-A247 (Figure 6 - 5 (a) and (b)), the incorporation of 1.5 vol.% TiB2 in 7075(T6) 

alloy reduces the CoF of Fe-52100 and Si counterparts (Figure 6 - 5 (c) and (d)). Considering the 

different counterpart hardnesses of AA5083, Fe-247, Fe-52100, and Si wafer, the CoF change in 

pure AA7075(T6) and AA7075(T6)-1.5 vol.% TiB2 nanocomposites is further plotted in Figure 6 

- 5 (e). 
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Figure 6 - 5 Comparison of the CoF values for AA7075(T6) and AA7075(T6)-1.5 vol.% TiB2 

nanocomposites during friction against (a) Marine grade AA5083 counterpart; (b) Fe-A247 iron 

counterpart; (c) Fe-52100 iron counterpart; and (d) Si counterpart (wafer); (e) Summary of the 

CoF changes with the counterpart hardness for AA7075(T6) and AA7075(T6)-1.5 vol.% TiB2 

nanocomposite, compared to the results from the traditional pin-on-disc tests in Figure 6 - 12 

and Figure 6 - 14 of 6.4 Appendix. 

 

Surface Characterization Before the friction tests with the proposed method, the surface 

roughness of all the counterparts was recorded as a reference to the post-test surfaces, as shown in 

Figure 6 - 6. After the friction tests using the new method, the surface roughness is characterized 

again, as shown in Figure 6 - 7. It’s observed that the counterpart surfaces rubbed with 

AA7075(T6) and AA7075(T6)-1.5 vol.% TiB2 nanocomposites are still highly smooth, showing 

no typical grooves and profile changes (whereas the worn grooves and profile change can be 
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observed in the traditional pin-on-disc tests in Figure 6 - 15 and Figure 6 - 17 of 6.5 Appendix). 

The roughness is only ~50-150 nm, which is similar to their initial counterpart roughness. Figure 

6 - 8 also partially shows that the proposed method is non-destructive to the surfaces, as the Ti 2p 

signal is clearly detectable after the proposed tests with AA7075(T6)-1.5 vol.% TiB2 

nanocomposites. 

 

Figure 6 - 6 Surface roughness of the AA5083, Fe-A247, Fe-52100, and Si wafer counterpart 

surfaces before the friction tests 

 

Figure 6 - 7 Surface roughness of the AA5083, Fe-A247, Fe-52100, and Si wafer counterpart 

surfaces after the friction tests with AA7075(T6) and AA7075(T6)-1.5 vol.% TiB2 

nanocomposites on the test track 

 

The XPS element composition data for the post-test sample surfaces are recorded in Figure 

6 - 8 and Figure 6 - 9. Since Fe and Si are not the composition elements for AA7075(T6) and 
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AA7075(T6)-1.5 vol.% TiB2 nanocomposites, the results confirm that there exists mutual atom 

transfer (e.g., Fe and Si atoms) between the 2 surfaces during the new friction tests (whereas the 

softer part is more likely to attach to the harder part in the traditional pin-on-disc tests, as shown 

in Figure 6 - 15 and Figure 6 - 17 of 6.5 Appendix). Also, according to Figure 6 - 9, after the 

same new friction test processes, the Fe and Si elements have huge concentration differences 

between the surfaces of AA7075(T6) and AA7075(T6)-1.5 vol.% TiB2 samples. 
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Figure 6 - 8 Surface XPS results of AA7075(T6) and AA7075(T6)-1.5 vol.% TiB2 

nanocomposites after the friction tests against Fe-A247, Fe-52100, and Si wafer counterparts 

 

Figure 6 - 9 Surface element composition after the friction tests of AA7075(T6) and 

AA7075(T6)-1.5 vol.% TiB2 nanocomposites for the elements of (a) Fe(2p) against Fe-A247 

counterpart; (b) Fe(2p) against Fe-52100 counterpart; and (c) Si(2p) against Si counterpart. 

 

6.3 Discussion  

As indicated by the results in Figure 6 - 5 from the new measurement method, the CoF of 

AA7075(T6) and AA7075(T6)-1.5 vol.% TiB2 nanocomposite shows the general trend that the 

harder the counterpart surface is, the more effective TiB2 nanoparticles are to reduce the CoF 

values. By further comparing our studies with traditional pin-on-disc test data and previous 

research on AA7075 nanocomposites (see Figure 6 - 10), it can be seen that there exists a 

significant difference, as almost all of the previous friction investigations underestimated the true 

CoF change values of the AA7075(T6) nanocomposites. 
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Figure 6 - 10 CoF change ratio (blue line) between AA7075(T6) and AA7075(T6)-1.5 vol.% 

TiB2 nanocomposites in relation with the counterpart (i.e., AA5083, Fe-A247, Fe-52100, and Si 

wafer) microhardness, and the comparison with the data from the traditional pin-on-disc test 

(pink dashed line) and the previous studies. 164–166, 325–329 

 

Two characteristics concerning our new technique contribute to the trend difference: At 

first, the loads of ~0.1-1 kPa are much lower than the traditional tribological tests under ~100 kPa 

330. Secondly, as shown in Figure 6 - 7, the new method used to measure the CoF of AA7075(T6) 

and AA7075(T6)-1.5 vol.% TiB2 nanocomposite does not obviously change the surface roughness 

(~50-150 nm). Considering these 2 factors, given the stress-assisted wear mechanism 252, the 

macroscopic scaling factor S to link stress and roughness could be expressed as: 

 𝑆 = 𝑒𝑥𝑝 (
𝜎×𝑉𝑎𝑐𝑡

𝑘𝐵×𝑇
) (6-2) 

Where σ is the applied stress, and 𝑉𝑎𝑐𝑡 is the extended effective activation volume. Here, 

𝑉𝑎𝑐𝑡  can be expressed with the surface roughness  𝑅𝑎  (~10−7 − 10−8 𝑚 ) as 𝑉𝑎𝑐𝑡 ≅ 𝑅𝑎 × 𝑎
2 

(where 𝑎 denotes the lattice parameter of ~1 nm). Therefore, with equation (6-2), using 𝑅𝑎 ≈

10−7𝑚 and 𝑎 ≈ 1 𝑛𝑚 for calculation, the scaling factor of the pin-on-disc tests is 𝑆 ≅ 11.45, 
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whereas the new measurement method introduces 𝑆 ≅ 1.03. Altogether, these 2 factors rule out 

the effects of wear, and only the friction contribution to CoF is gauged by this new measurement 

method. 

With these measurement method improvements, to understand the observed trend in 

Figure 6 - 10, the following 2 mechanisms are proposed and illustrated in Figure 6 - 11: 

As shown in Figure 6 - 5, the CoF values of pure AA7075(T6) increases with increasing 

counterpart hardness; while the CoF of AA7075 with TiB2 decreases as the counterpart hardness 

increases. Under the extremely low surface roughness (~nm-scale) and low normal load 

conditions, the effect of the microscopic contact area (i.e., A in Figure 6 - 11) will significantly 

stand out 331. For AA7075(T6), the increase in counterpart hardness will increase the hardness 

difference (i.e., ∆HV in Figure 6 - 11), which will result in a larger contact area; On the other 

hand, since TiB2 in the AA7075(T6)-TiB2 nanocomposite is harder than any counterparts, as 

counterpart hardness increases, the real contact area decreases, and less shear force is needed to 

separate the adhesive contact between the two surfaces. 

Secondly, the XPS results from Figure 6 - 8 and Figure 6 - 9 confirm the mutual atom 

transfer (e.g., Fe and Si atoms) between the 2 surfaces during the new friction tests. According to 

the study by P. Menezes et al. 332, when iron is transferred from the counterpart surface to 

AA7075(T6) and AA7075(T6)-TiB2 nanocomposites, the transferred iron atoms and the iron-

containing counterpart will interact to decrease the CoF values; It’s the same case for Si 

counterpart. The XPS results in Figure 6 - 8 and Figure 6 - 9 match the trend in Figure 6 - 5 and 

Figure 6 - 10 well.  

In this sense, if the hardness is close between two materials, mutual atomic-scale transfer layer 

from the counterparts is easily produced to enable interaction between the atoms of the same 
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elements (i.e., Fe or Si), and subsequently lowers the CoF. In this study, the combination of hard 

pin and hard disc or soft pin and soft disc is advantageous for CoF reduction, as shown in Figure 

6 - 11. 

 

Figure 6 - 11 Illustration of the effects of tribo-pair hardness difference and atom transfer on the 

tribological performance of (a) AA7075(T6) and (b) AA7075(T6)-TiB2. 

 

6.4 Appendix: Results from Pin-on-Disc tests 

Table 6 - 1 Calibration measurement between pure Cu and pure Al 

Methods Proposed Measurement Ref. 333 Ref. 322 

CoF 0.32 ± 0.12 0.25-0.35 ~0.3-0.5 
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Figure 6 - 12 The CoF evolution during the pin-on-disc test with AA5083 for Al7075(T6) and 

Al7075(T6)-1.5TiB2 

 

Figure 6 - 13 The CoF evolution during the pin-on-disc test with Fe-A247 for AA7075(T6) and 

AA7075(T6)-1.5TiB2 
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Figure 6 - 14 The CoF evolution during the pin-on-disc test with Fe-52100 for AA7075(T6) and 

AA7075(T6)-1.5TiB2 

 

Figure 6 - 15 (a) The disc profile after the pin-on-disc test for AA7075(T6) and AA7075(T6)-

1.5TiB2 with AA5083; (b) The pin EDS mapping for Al after the pin-on-disc test against 

AA5083 for AA7075(T6) and AA7075(T6)-1.5TiB2. (* Zn L line is shown, because AA5083 has 

little-to-no Zn, whereas Zn has a high concentration in AA7075) 

 

Figure 6 - 16 (a) The disc profile after the pin-on-disc test for AA7075(T6) and AA7075(T6)-

1.5TiB2 with Fe-A247; (b) The pin EDS mapping for Al after the pin-on-disc test against Fe-

A247 for AA7075(T6) and AA7075(T6)-1.5TiB2. 
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Figure 6 - 17 (a) The disc profile after the pin-on-disc test for AA7075(T6) and AA7075(T6)-

1.5TiB2 with Fe-52100; (b) The pin EDS mapping for Al after the pin-on-disc test against Fe-

52100 for AA7075(T6) and AA7075(T6)-1.5TiB2. 

 

Figure 6 - 18  The pin surface profile of AA5083, Fe-A247, and Fe-52100 before and after the 

pin-on-disc tests on AA7075(T6)-1.5TiB2 disc. 

 

Figure 6 - 18 indicates that the pins after the traditional pin-on-disc tests will have severe 

morphology change (the active area is introduced with the height change from −1500 μm to 

+1500 μm, a magnitude far larger than the roughness change shown in Figure 6 - 7) 
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Figure 6 - 19  Wear rate by the disc worn volume of AA7075(T6) and AA7075(T6)-1.5 vol.% 

TiB2 

6.5 Summary  

A new measurement method was applied in the tribological study to distinguish the 

contributions from pure friction and wear for AA7075 nanocomposites. It provides a new 

understanding of how TiB2 nano-reinforcement could change the tribological performance of 

AA7075 on different substrates. First, the new laser-grating device enabled by a fast-response 

displacement measurement provides an instant non-destructive surface analysis of the true CoF in 

AA7075-TiB2 nanocomposites during tribological tests. Second, an accurate substrate hardness 

dependence of the CoF in AA7075-TiB2 nanocomposites is discovered, which shows a different 

characteristic from the traditional wear-included CoF trend. With detailed surface characterization 

and a quantitative analysis of wear contribution, a new theory has been established to understand 

the true CoF dependence on the hardness difference between parts of friction pairs. The new study 

is able to fully uncover the mystery of previously reported inconsistencies in the tribological 

performance of AA7075-TiB2 nanocomposites. The knowledge gained in this study is of 



257 

 

significance for a rational design of AA7075 nanocomposites for optimized tribological 

performance. 
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CHAPTER 7 CONCLUSIONS 

This study is to understand nanoparticle effects on the overall functional properties of metal 

matrix nanocomposites (MMNCs). To guide the rational design of high-performance metal matrix 

nanocomposites with balanced mechanical and functional properties, the study utilizes the 

nanoparticle-electron interaction as a novel angle. Therefore, the specific objectives of this 

research were to advance the fundamental understanding of the nanoparticle effects on electron 

behavior (e.g. electron concentration and electron mobility), thermophysical properties (e.g. heat 

capacity, thermal diffusivity, and thermal conductivity), intrinsic high-temperature chemical 

stability, thermal stability against oxidation, anti-corrosion performance (such as pitting, IGC, and 

SCC resistance), and surface anti-wear performance in Al- and cu-based nanocomposites. 

To provide a reliable base for the functional property analysis of bulk MMNCs, two 

processing routes, i.e., ex situ self-dispersion method and in situ molten salt-assisted synthesis, 

were used to prepare samples. In this dissertation, Cu-based metal matrix nanocomposites were 

successfully fabricated by incorporating WC nanoparticles ex situ. This method also produced 

high-quality Cu-alloy nanocomposites including Cu-40Zn/WC and Cu-xAg/WC (x=10, 20, 40, 50, 

60, 71.9, 80 wt.%). For Al-based nanocomposites, in situ molten salt assisted method has been 

used. This economical method produces the size-controllable ZrB2, TiB2 and TiC nanoparticles in 

the Al alloys efficiently.  

With high-quality Al nanocomposite master with a high-volume percentage (~3 vol.%) of 

nanoparticles, high-strength Al alloy nanocomposites was fabricated by alloying and master 

dilution. AA7075 nanocomposites with different nanoparticles of TiC and TiB2 (effects of 

nanoparticle selection) under T6 and T73 heat treatment in both casting and extrusion (effects of 

processing) conditions were used. Further, A206-TiC nanocomposites were cast and went through 
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T4 and T6 heat treatments (effects of post-processing and precipitation process). The successful 

fabrication of the Al alloy nanocomposites  built a solid foundation for the systematic study into 

their functional properties. 

To establish the fundamentals for functional properties, the electronic property and electron 

behavior have been studied first in the model systems of Al-TiB2, Al-ZrB2, and Al-TiC. By 

experimentally investigating into the low-temperature electrical conductivity and electron mobility, 

the electron localization model to account for the (apparent) free electron concentration in the 

metal matrix nanocomposites has been proposed. With this understanding, the electrical 

conductivity prediction model using the Fermi level difference as an indicator in Cu-WC, Cu-40 

wt.% Zn/WC, and Cu-60 wt.% Ag/WC systems has been further confirmed.  

Since the electrons are a dual carrier for electricity and heat and the electrical conductivity-

temperature curve demonstrated a strong electron-phonon coupling, the thermal properties 

including heat capacity, thermal diffusivity, and thermal conductivity have been examined 

experimentally in Al-TiB2, Al-ZrB2, and Al-TiC systems. The decoupling of electron and phonon 

contribution to thermal transport in the Al-based nanocomposites also leads to a more accurate and 

efficient depiction of the interfacial thermal conductance in metals containing metallic ceramic 

nanoparticles inside (e.g., TiB2, ZrB2, TiC, and WC). This understanding gives a consistent picture 

among the interfacial wettability requirements for successful nanocomposite solidification 

processing, the electron behavior in nanocomposites, and the ultimate thermophysical response by 

incorporating these nanoparticles. 

After the systematic study into the basic functional properties, the stability of the metal 

matrix nanocomposites regarding their general chemical stability was studied. 
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First, to guide the processing and mitigate the interfacial chemical reactions between 

molten metal and nanoparticles, Al-TiC system was studied as an example. On one hand, to extend 

the possible lower processing temperature window, Mo micro-alloying was used to mitigate the 

direct Al-TiC reaction at temperatures lower than 780℃. The effective segregation of Mo to the 

Al-TiC interface reduced the chemical reaction rate, and the resultant Mo-rich intermetallics were 

refined and rendered with maintained ductility. On the other hand, to study the alloy’s 

compatibility with various nanoparticles (TiC as an example), the chemical kinetics and dynamics 

between Al-Si based alloy system and TiC was investigated. The selection of suitable alloying 

elements is of great importance to reduce or eliminate the Si-TiC reaction in Al-Si-based 

nanocomposites. The element segregation dynamics still governed the reaction process, and the 

AlSi10Mg-TiC proved to have a higher chemical reaction of Si and TiC due to the segregation of 

Mg and Si and the enthalpy-releasing Mg2Si formation process. Moreover, the replacement of Mg 

by Ag (i.e., AlSi10Ag-TiC nanocomposites) also provided a deterministic evidence for the less 

severe reaction by TiC instability in molten Al systems. In brief, this part of the study confirmed 

the effectiveness of using (micro-)alloying and element segregation for processing Al alloys and 

increasing the overall nanoparticle stability. 

As metal degradation is heavily linked with oxidation and influenced by oxidation kinetics, 

the anti-oxidation performance in various metal matrix nanocomposites was examined. For 

diffusion-controlled oxidation process, Cu-40 wt.% Zn/WC nanocomposites were uased to study 

the crystalline ZnO growth kinetics and dynamics. The WC nanoparticles were found to block the 

diffusion path of Zn and reduce the normal stress to the diffusion path via the load-bearing transfer. 

Chemically stable nanoparticles like WC were proven to be effective to control and reduce the 

diffusion-dominated thermal oxidation. When investigating the self-limiting thermal oxidation 
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process, Al-ZrB2 nanocomposites have been used for the surface oxidation characterization. At 

lower temperature, while the self-limiting oxide layer of amorphous Al2O3 would stop at a thinner 

layer (less than the size of ZrB2 nanoparticles), the incorporation of nanoparticles would rupture 

the dense oxide film and increase the oxidation speed. At higher temperature, the self-limiting 

oxide layer would not be influenced by the nanoparticle size directly. Instead, the ZrB2 

nanoparticles would increase the Mott potential and oxidation activation energy barrier 

simultaneously. This finding is consistent with the Mott-Cabrera model for Al and confirms the 

reason for the mitigated oxidation process under higher temperature in Al-ZrB2. With the 

information for the interaction between nanoparticles of diffusion-controlled and self-limiting 

oxidation process, the thermal oxidation process of a more complex, industrially important 

AA7075 alloy nanocomposites (i.e., AA7075-TiB2)was studied. At a lower temperature (e.g., 

400℃), the TiB2 nanoparticles also rupture the self-limiting Al2O3 film. When the temperature is 

above the solutionizing temperature (e.g. 600 ℃ ) of the MgZn2 secondary phases, TiB2 

nanoparticles help increase the element (Zn and O) concentration gradient and reduce the 

roughness of the wavy Al2O3 film. More importantly, Zn can be oxidized to a large penetration 

depth in AA7075-TiB2 even after the Al2O3 oxide film is formed. 

After the oxidation mechanism was clarified, anti-corrosion performance of metal matrix 

nanocomposites has been studied in detail. The pitting, IGC, and SCC behavior of AA7075 and 

A206 nanocomposites after casting and extrusion under different heat treatments were 

systematically studied. To understand the different corrosion mechanisms in pitting, IGC, and SCC 

processes, the electrochemical signatures of these nanocomposites, as well as their microstructural 

characteristics (including grain size, grain boundary features, and precipitates) and surface 

conditions (e.g., element oxidation states and post-corrosion morphology), have been studied.  The 
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incorporation of nanoparticles will refine the grains, increase the LAGB fraction, reduce the PFZs, 

and reduce the electrical conductivity, which are all advantageous to increasing the anti-corrosion 

performance. Meanwhile, nanoparticles of TiB2 and TiC will introduce a more effective 

passivation behavior than their pure AA7075 matrix, which is consistent with the anti-oxidation 

performance study influenced by nanoparticles. This passivation activity change by nanoparticles 

leads to an enhanced anti-corrosion performance, particularly IGC resistance. Moreover, the 

electrochemical potential analysis proves that the nanoparticles could act differently in AA7075 

and A206, because the GBPs are mainly strengthened for anti-corrosion performance in AA7075, 

and the GBs as the weakest location are made stabler in A206 systems. On the contrary, SCC 

process is a procedure dominated by both corrosion performance and mechanical response, the 

anti-SCC performance of AA7075 and A206 nanocomposites is significantly improved under 

lower stress intensity range, while at the higher stress intensity range they witness a slightly higher 

crack propagation speed, possibly due to a pseudo-dispersed nanoparticles induced lower ductility 

at GBs. By lowering the nanoparticle volume percentage (in A206-TiC, T4 as an example), it 

suggests that a less nanoparticle loading could better mitigate the high-stress-intensity SCC 

propagation for an improved SCC-susceptibility. It suggsts that the anti-corrosion behavior, 

particularly the anti-SCC performance, of AA7075 and A206 nanocomposites could be further 

enhanced, if the nanoparticles could be better dispersed. 

To cater to the urgent desires of applying metal matrix nanocomposites in anti-wear and 

anti-friction applications, the tribological performance of AA7075-TiB2 was studied with the new 

setup for ultra-sensitive normal and frictional stress detection. The tribological contributions from 

pure friction and wear for AA7075-TiB2 nanocomposites has been distinguished. With this new 

high-resolution force-sensing setup, an accurate substrate hardness dependence of the CoF in 
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AA7075-TiB2 nanocomposites is discovered, and a new theory has been established to understand 

the true CoF dependence on the hardness difference between parts of friction pairs. The new study 

is able to fully uncover the mystery of previously reported inconsistencies in the tribological 

performance of AA7075-TiB2 nanocomposites. The knowledge gained in this study is of 

significance for a rational design of AA7075 nanocomposites for optimized tribological 

performance. 

In summary, the study in this dissertation comprehensively investigated the effects of the 

nanoparticles on the functional properties of important metal/alloy systems. By linking electron 

behavior among these properties, the systematic study on the electrical and thermophysical 

property builds a fundamental basis to understand other complicated functional properties in metal 

matrix nanocomposites. The detailed discussion into the chemical stability governed by the matrix-

nanoparticle interface, the anti-oxidation behavior, the overall anti-corrosion performance, and the 

surface engineering by metal nanocomposites has provided a unique insight for effectively 

designing the novel metallic systems for a long-term service stability in complex environments. 
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CHAPTER 8 RECOMMENDATION FOR FUTURE WORK 

This chapter is providing a short discussion about potential future work. Scalable and 

controllable synthesis and fabrication of high-quality metals containing nanoparticles are 

important for their widespread applications in industry, and their tailored functional properties 

with enhanced mechanical performance will play an irreplaceable role in new alloy design, 

advanced manufacturing, and open new space for  novel applications.  

 

8.1 Segregation-assisted nanoparticle dispersion and MMNC fabrication 

The in situ and ex situ methods have proven the effectiveness of nanoparticle synthesis and 

size control. However, the processing route is still largely dependent on the choice of suitable 

metal matrices and nanoparticles to fulfill the wettability requirements for nanoparticle dispersion. 

Based on the study in this dissertation, a nanoparticle-involved segregation phenomenon (e.g., Mo-

segregation to nanoparticle-matrix interface in Al-Mo alloy, and Mg-/Si-segregation to 

nanoparticle surfaces for continuing chemical reaction in Al-Si alloy) has already been confirmed. 

With this insights, the interface between nanoparticles and metal/alloy matrices could be 

potentially tuned by introducing controllable element segregation or interfacial chemical reaction. 

With this method, the interface could form an effective interfacial layer (e.g., TiC would form 

Al4C3 to wet Al) with potentially less lattice mismatch. If successful, the traditional limits by 

interfacial wettability between nanoparticles and metal matrices could be bypassed. More 

importantly, the tuned interface could offer a better load bearing transfer efficiency (to enhance 

mechanical properties) and also lead to more exciting interface-dominated functional properties. 

The homogeneity and uniformness of nanoparticle dispersion could be further improved.  
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With all these benefits, since the degradation mitigation like anti-SCC performance at high 

stress intensity also requires a better nanoparticle-matrix/precipitate interface, the interfacial 

engineering could also potentially introduce a better crack deflection capacility by maintaining the 

ductility.  Second, the better interfacial segregation layer could reduce the abrupt electrochemical 

property change around the nanoparticles, which will lower the micro-galvanic current, if 

nanoparticle-induced interfaces adjacent to nanoparticle-dense zone are exposed to corrosive 

media. Finally, because the controllable interfacial segregation could incorporate a wider variety 

of nanoparticles, more electrochemically similar nanoparticles (traditionally hard to distribute and 

easy to sinter/agglomerate) like CrB2 (with a corrosion potential of -370 mV 334), ZrB2 (with a 

corrosion potential of -600 ~ -400 mV 335) and Fe(Mo)N (with a corrosion potential of -700 ~ -500 

mV 336) could reduce the interface-determined micro-galvanic corrosion in the nanoparticle-dense 

region and assist with the SCC-resistance under high stress intensity. Based on these facts, this 

method could be promising to compensate for lowering the nanoparticle volume percentage 

directly and losing the advantages of microstructural modification by nanoparticles.  

 

8.2 Application-oriented thermophysical design of MMNCs 

Metals are unique due to the high concentration of electrons, which are the fundamental 

particles determining their overall thermophysical properties. With the interface engineering 

between various nanoparticles and metal/alloy matrices, given the different electronic structures, 

band structures, and microstructures after nanoparticle addition, the thermophysical properties 

could be tuned accordingly. Catering to the needs of practical applications (e.g., heat sinks, DC/AC 

electrical conductor in power transmission industry, and radiation/electromagnetic shielding 

materials in telecommunication), metal matrix nanocomposites with tailored properties could 
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overcome the difficulties encountered by traditional metals/alloys. In brief, the combination of 

properties from metals/alloys and heterogeneous phases of nanoparticles (e.g., insulating ceramics 

like Al2O3, metallic ceramics like Ti5Si3, semi-conductive intermetallics like Mg2Sn and Mg2Si) 

could yield desired non-linear properties for these novel areas. 

 

8.3 Applications of MMNCs in harsh/extreme environments 

Owing to the active electrons in metals/alloys, they are also difficult for use in long-term 

service in harsh environments (e.g., in radiation-influenced nuclearapplications, or in bio-

implantation environments). The main reasons for these failures include weak grain boundary, 

heterogeneous weak points compared with the matrix (e.g., the inner-grain precipitates), and 

potential activation of electrons to escalate chemical activity, etc. These failures would also result 

in creep, fatigue, corrosion, wear, or the combination (e.g., tribocorrosion, corrosion fatigue, and 

wear-creep interaction).  

Further study could integrate mechanical property with functional properties for design of 

novel metal matrix nanocomposites in the harsh and extreme environments. The correlation from 

mechanical and functional properties to defects (e.g., dislocations, grain boundaries), electrons, 

matrix (phonons), and nanoparticles could extend the understanding of “(micro-)structure-property” 

relationship under the framework of “structure-electron-property” interaction. This pathway could 

have far-reaching impacts for control failure mechanisms to enable anti-failure metal/alloy 

nanocomposites in the harsh environments. If successful, this direction could contribute 

significantly to global sustainability through emission reduction and materials’ life-time service 

enhancement. 
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8.4 Functional properties of MMNCs by advanced manufacturing 

Recently, advanced manufacturing techniques are evolving in an unprecedented pace. 

Methods of additive manufacturing like emergent wire arc additive manufacturing (WAAM), 

selective laser melting (SLM), and laser solid forming (LSF) offer exciting opportunities to 

develop and fabricate alloys under far non-equilibrium process (with a typical solidification 

temperature gradient of >104 − 105 K/s), because the diffusion-controlled manufacturing physics 

may not be effective. The processing will therefore inevitably change the microstructures (i.e., 

transition interface and matrix structures) and create a strongly coupled material system for 

electrons, matrices (phonons), and defects. For example, the ultrafine grains usually made possible 

by SLM could have a length scale comparable to the MFP of electrons and phonons, which 

wouldoffer interesting and exciting properties.  

Therefore, the study in this dissertation establish a foundation to continue the  future study 

into functional properties of metal matrix nanocomposites in emerging advanced manufacturing 

techniques. Particularly, the relationship between the non-equilibrium processing parameters and 

the resultant properties would yield fruitful insights into the development and applications of novel  

nanotechnology enhanced metals and alloys. 
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