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ABSTRACT OF THE DISSERTATION 

 

Development of Functional Materials with Novel Nanoscale Architectures Designed for 

Applications in Energy Storage and Electrochemical Water Splitting 

 

 

 

by 

 

John Berkeley Cook 

Doctor of Philosophy in Chemistry 

University of California, Los Angeles, 2016 

Professor Sarah H. Tolbert, Chair 

 

Developing functional materials for advanced energy applications is a critical step in 

minimizing our use of fossil fuels for energy. The first part of this dissertation describes 

pseudocapacitive energy storage materials for fast charge storage applications. In this section, 

nanostructured transition metal oxides and sulfides are examined as attractive pseudocapacitive 

materials. These materials discussed in this dissertation show the hallmarks of pseudocapacitors, 

and consistently delivered more than 100 mAh/g at 100C (~30 seconds) and thousands of 

(dis)charge cycles. Synchrotron operando X-ray diffraction studies of these materials establish a 

clear structural charge storage mechanism that is responsible for the extremely fast kinetics and 

long lifetimes. We specifically focus on the idea that in most battery materials, distinct phase 

transitions occur between lithiated and non-lithiated states, and phase transition kinetics can 
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dominate the kinetics of Li+ intercalation. We show that a key component of intercalation 

pseudocapacitance is suppression of such phase transitions in nanostructured materials.  

The second part of this work describes Li-alloying negative electrodes, which are attractive 

candidates to replace graphite in Li-ion batteries because of their high energy densities. However, 

charge storage in these materials is accompanied by a large volume change which pulverizes the 

particles, leading to electrode failure To addresses these problems, two scalable solution based 

synthetic methodologies will be discussed to synthesize nanoporous tin and silicon that show long 

cycle-lifetimes. This work specifically employs synchrotron operando transmission X-ray 

microscopy to directly examine structural changes of single tin particles during cycling to show 

how structure, morphology, and size modify the fundamental storage mechanisms in 

nanostructured tin. 

The third section of this work describes our work on a high performance nanostructured porous 

NiFe-based oxygen evolution catalyst made by selective alloy corrosion. A major challenge is 

developing oxygen-evolving catalysts that are inexpensive, highly corrosion-resistant, and able to 

oxidize water at high current densities and low overpotentials. A practical NiFe-based catalyst was 

developed with high surface area, and therefore, a high density of oxygen-evolution catalytic sites 

per unit mass leading to unprecedented performance. 
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described in equation 3 (f). The capacitive contributions is 91% and is denoted by the shaded 

grey region; these results are thus in good agreement with the Trasatti analysis ................84 

Figure 4.12. Cyclic voltammagrams of micrometer sized MoS2 particles in slurry electrodes 

cycled at 0.1mVs-1 (a), and 1.0mVs-1 (b).  These CV curves can be compared to data 

collected on the mesoporous thin films studied in this work, cycled at 1mVs-1 (c).  The data 

clearly show an increased current response below 1.75V vs. Li/Li+ in mp-MoS2 that is not 

observed in bulk powders ....................................................................................................85 

Figure 4.13. Galvanostatic cycling data for mp-MoS2 cycled in a Li-ion electrolyte.  Part (s) shows 

voltage versus capacity at 1C (red), 5C (orange), 30C (green), and 60C (blue) between 1 – 

3 V vs. Li/Li+. Parts (b) and (c) show voltage versus time cuves at different rates.  Here C = 

167 mA g-1 ...........................................................................................................................86 

Figure 4.14. Long term cycling stability. Specific capacity versus cycle number for a mp-MoS2 

film cycled galvanostatically at 23C in a Li-ion electrolyte (a). Specific capacity versus 

cycle number for a mp-MoS2 film cycled potentiostatically at 10 mVs-1 in a Na-ion 
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electrolyte (b) ......................................................................................................................89 

Figure 4.15. Galvanostatic cycling data for mp-MoS2 cycled in a lithium electrolyte at 23 C.  The 

data show the excellent electrochemical stability of the system. Cycles 1 (red), 1000 

(orange), 2000 (green), 5000 (cyan), and 10,0000 (blue) are shown ..................................90 

Figure 4.16. Structural characterization of mp-MoS2 cycled 10,000 times between 1 and 3 volts 

vs. Li/Li+. Part (a) shows Raman spectroscopy of the cycled film. This data show that the 

local MoS2 bonding motif is stable, even after many cycles. Part (b) shows a TEM image of 

the cycled film. The SEI layer inhibits detailed analysis of the cycled sample using TEM, 

but it is clear from this image that the nanoscale architecture and porosity is retained, even 

after 10,000 cycles ...............................................................................................................90 

Figure 4.17. XPS characterization of mp-MoS2 cycled 10,000 times between 1-3 volts vs. Li/Li+.  

High resolution XPS data obtained on pristine mp-MoS2 is presented in panels (a) and (b) 

and is the same as the uncycled data shown in figure S4. Data collected on MoS2 cycled 

10,000 times is presented in panels (c) and (d). The data in panels (c) and (d) is basically 

identical to that presented in figure S4 for samples cycled only 50 times.  These data thus 

confirm that the MoS2 phase is stable during extended electrochemical cycling ...............91 

Figure 4.18. Electrochemical characterization of mp-MoS2 collected using Na electrolyte (a). 

Cyclic voltammograms collected at 5 mVs-1 for the first three cycles (b). Cyclic 

voltammograms collected at scan rates ranging from 1 - 10 mVs-1 (c). Cyclic 

voltammograms collected at scan rates ranging from 10 - 100 mVs-1 (d). Trasatti analysis 

utilizing the dependence of voltammetric charge storage on the sweep rate (d, e). As 𝜐�→∞ 

access to the more diffusion controlled redox sites are excluded and extrapolation of 

capacity versus v-1/2 gives the capacity charge storage (qcapacitive), which is calculated to be 
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96 mAh g-1 (d). As 𝜐�→0 access to diffusion limited redox sites can occur and so 

extrapolation of the inverse capacity versus v1/2 gives the extrapolated total charge (qtotal), 

which is calculated to be 130 mAh g-1 (e). Using the relationship qtotal = qcapactive +  qdiffusion 

we can conclude that our qdiffusion is 34 mAh g-1. The ratio of the capacitive charge storage 

to the total charge storage is 74%. Capacitive and diffusion controlled charge storage 

contributions for mp-MoS2 cycled in a Na-electrolyte at 1 mV s-1 can also be calculated 

using the method described in equation 3 (f). The capacitive contributions is 82% and is 

denoted by the shaded grey region; these results are thus in good agreement with the Trasatti 

analysis ................................................................................................................................94 

 

CHAPTER 5. Pseudocapacitive Charge Storage in Thick Composite MoS2 Nanocrystal 

Electrodes 

 

Figure 5.1. X-ray diffraction of b-MoS2 and nc-MoS2 shows that both materials crystalize in the 

2H hexagonal crystal structure (JCPDS 037-1492) (a).  The nc-MoS2 shows significant 

peak broadening, however, which we assign to both finite size effects and lattice disorder. 

Scanning electron microscope image of nc-MoS2 show a network of agglomerated 

nanocrystals (b). Transmission electron microscope images of dispersed nc-MoS2 show 

sub-50 nanometer primary particles (c-e). Significant defects are observed and are believed 

to be at least partly responsible for the facile ion insertion into the bulk of the nanocrystal.

.......................................................................................................................................... 112 

Figure 5.2. Nitrogen isotherm of both b-MoS2 and nc-MoS2 (a). The calculated surface area for 

nc-MoS2 is 35m2g-1
 while the bulk is 2 m2g-1. This 17.5-fold increase in surface area, in 
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part, leads to the pseudocapacitive charge storage mechanism. BJH pore size distribution 

calculated from the adsorption isotherm in part (a) for nc-MoS2 (b). The porosity shown in 

the BJH distribution arises from adhesion of the nanocrystals to each other, which creates 

pores. ................................................................................................................................ 113 

Figure 5.3. X-ray photoelectron spectroscopy of b-MoS2 (a, b) and nc-MoS2 (c, d). The data can 

be well fit with a single 4+ oxidation state for Mo and a 2- oxidation state for S.  The 

elemental stoichiometry calculated from the data is 1.05:2.00, Mo:S.  These data thus show 

that the surface of the nc-MoS2 is the same as the commercial bulk powder, and both 

surfaces are consistent with bulk MoS2. .......................................................................... 114 

Figure 5.4. Derivative of the galvanostatic charge discharge plot dQ/dV of the first 10 cycles of 

nc-MoS2 (a), and b-MoS2 (c) showing the irreversible phase transition and subsequent 

formation of the highly electronically conducting 1T-MoS2 phase. dQ/dV of cycles 2 - 9 of 

nc-MoS2 (b), and b-MoS2 (d) which shows that the 2H –to – 1T phase change occurs over 

10 cycles, while in b-MoS2 the phase change has occurred after the second cycle. Charge 

transfer resistance of b-MoS2 and nc-MoS2 based electrodes during the first 10 formation 

cycles calculated from the corresponding Nyquist plots. Impedance collected at 3V vs. 

Li/Li+ (green), and 0.8 V vs. Li/Li+ (black) (e). Atomic representation of the 2H-to-1T 

phase transformation. This transformation only involves a small shift in the easily polarized 

sulfur layer, which is non-destructive to the nanoscale structure (f). .............................. 115 

Figure 5.5. Galvanostatic kinetic analysis comparing nc-MoS2 electrodes made using carbon 

fibers and mixed using sonication (green), and electrodes made using only carbon black 

and mixed using a traditional mortar and pestle (red) (a). Charge transfer resistance of nc-

MoS2 / carbon fiber based electrodes (green), and nc-MoS2 / carbon black based electrodes 
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(red) during the first 10 formation cycles calculated from Nyquist plots collected at 0.8 V 

vs. Li/Li+ (b). The charge transfer in the carbon fiber based electrode is both lower in 

absolute value, and decreases with cycle number because the newly formed 1T MoS2 is 

electronically well connected to the electrode architecture. By contrast, the charge transfer 

resistance in the traditional carbon black based electrodes monotonically increases, likely 

due to SEI formation. Backscatter electron images of the carbon fiber based electrode (c) 

and carbon black only electrode (d). The brightness in backscattered images is related to 

the atomic Z number, so the dark-regions are carbon rich and the light-regions are MoS2 

rich. .................................................................................................................................. 117 

Figure 5.6. Galvanostatic kinetic analysis comparing b-MoS2 to the nc-MoS2 in optimized carbon 

fiber based electrodes (a). The nanostructured material stores nearly four-times the charge 

at 100C compared to b-MoS2. Galvanostatic lithium insertion and deinsertion profiles at 

different current densities of b-MoS2 (b), and nc-MoS2 (c). The galvanostatic traces for the 

nc-MoS2 based electrodes are pseudo-linear and are quite different from the standard 

plateaus observed for b-MoS2. ......................................................................................... 119 

Figure 5.7. Analysis of the charge storage in the current maxima for b-MoS2 (a) and nc-MoS2 (b) 

using b-values calculated from Equation 2. This analysis shows that the Faradaic charge 

storage associated with the peak maxima in CV has a significant diffusion contribution in 

b-MoS2, while this analysis shows that the same Faradaic processes are capacitive-like in 

nc-MoS2. Quantification of the capacitive and diffusion charge storage in b-MoS2 (c) and 

nc-MoS2 (d) as a function of voltage. This analysis indicates that the nc-MoS2 based 

electrodes store charge largely through a capacitive mechanism. ...................................123 

Figure 5.8. Cycle lifetime of nc-MoS2 and b-MoS2 electrodes cycled at 20C. Cycle 1 reported here 
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was started after the kinetic study (1C-100C) shown in figure 7. The long cycle lifetime 

and high capacity of the nc-MoS2 is correlated with the established pseudocapacitive 

charge storage mechanism. ..............................................................................................126 

Figure 5.9. Average discharge energy density vs. average discharge power density for a full cell 

utilizing a nc-MoS2 anode and an activated carbon cathode (a). The voltage of this device 

operates between 0.4 – 3.2 V. Average discharge energy density vs. cycle number for an 

asymmetric nc-MoS2 / activated carbon full cell (b). The voltage of this device operates 

between 0 – 3.0 V. The fast kinetics and long lifetime is a result of the highly reversible 

pseudocapacitive charge storage mechanism. This data was mass normalized using the total 

active mass of both electrodes (~4 mg). ..........................................................................127 

 

CHAPTER 6. High Performance Pseudocapacitor Based on 2D layered Metal Chalcogenide 

Nanocrystals 

Figure 6.1. (a) Schematic of anisotropic growth; (b) TEM images of TiS2   nanocrystals, with 

diameters Φ of 50 ±8 nm, 100 ±18nm (with electron diffraction pattern), 270 ±55nm (c,d) 

side view of TiS2  nanocrystals (50nm) ............................................................................140 

Figure 6.2. XRD of 2D-TiS2 nanocrystals and B-TiS2 particles show hexagonal crystallite 

structure (JCPDS card #74-1141). As thickness of 2D-TiS2 nanosheets decreases, the signal 

from (001) reflection is lost. For 50 nm sample, a small excess of sulfur was found even 

after several washings. (b) The crystallinity of 100 nm and 270 nm 2D-TiS2 is confirmed 

by the electron diffraction pattern ....................................................................................141 

Figure 6.3. (a) Illustration of the oriented attachment of 2D-TiS2 nanocrystals and their 

development into TiS2 nanocrystals. (b) Illustration of Ostwald ripening occurring by 
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dissolution/recrystallization. TEM images showing (c) initial 100 nm nanocrystals, (d) 

agglomeration, coalescence and two dimensional nanostructure growth from initial 

nanocrystals, (e) uniform single-crystalline hexagonal-like nanosheet morphology ......142 

Figure 6.4. (a) Illustration of the crystal structure of TiS2. (b) In-situ variation of the a-axis and c-

axis lattice parameter of lithium titanium sulfides as a function of the potential during the 

1st intercalation for B-TiS2 (open circles) and 2D-TiS2 (solid squares) ...........................145 

Figure 6.5. (a,b) XRD patterns (acquired at 15200 eV) collected during the (c) first insertion 

process of a lithium half-cell containing B-TiS2 as a positive electrode (with a current 

density of 24.9 mA.g-1). The first XRD pattern (red) corresponds to the pristine material, 

and the peaks are labeled with the index corresponding to the 1T phase of TiS2 ............145 

Figure 6.6. (a,b) XRD patterns (acquired at 15200 eV) collected during the (c) first two cycles 

(charge and discharge) of a lithium half-cell containing 100 nm 2D-TiS2 as a positive 

electrode (with a current density of 48.6 mA.g-1). The first XRD pattern (red) corresponds 

to the pristine material, and the peaks are labeled with the index corresponding to the 1T 

phase of TiS2. The XRD patterns colored in green correspond to the voltage limits (1.5V 

and 3.0V vs. Li/Li+) for each cycle ..................................................................................146 

Figure 6.7. In-situ variation of the c-axis and a-axis lattice parameter collected during the first two 

cycles (charge and discharge) of a lithium half-cell containing 100 nm 2D-TiS2 as a positive 

electrode (with a current density of 48.6 mA.g-1). The c-axis parameter was calculated from 

the (101) and (110) reflections (Figure 6.6 a and 6.6 b) and the a-axis parameter was 

calculated from the (110) reflection (Figure 6.6 b) ..........................................................147 

Figure 6.8. CVs (10 cycles) at 1 mV s-1 in a Li+ electrolyte for 2D-TiS2 nanocrystals, comparing 

50 nm (red) and 100 nm (green) diameters to B-TiS2  particles (black) ..........................148 
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Figure 6.9. CVs (10 cycles) between 1 and 10 mV.s-1 for 100nm nanocrystals of 2D-TiS2 cycled 

in Li+ electrolyte for kinetic analysis. (a) Capacity vs. ν -1/2 with infinite capacity 

extrapolation, (b) b-values determined by using the relationship between peak current and 

sweep rate (Equation 4) ...................................................................................................150 

Figure 6.10. Kinetic analysis of 2D-TiS2 and B-TiS2 cycled in a Li+ electrolyte at various sweep 

rates from 1–100 mV s-1. (a) Capacity vs. ν -1/2, (b) determination of the anodic b-values as 

indicated in equation (4). A complete example of the analysis is shown in Figure 6.9 for 

the 100 nm 2D-TiS2. ........................................................................................................151 

Figure 6.11. Capacitive and diffusion-controlled contributions to charge storage in 100 nm 2D-

TiS2 cycled in a Li+ electrolyte at 1 mV s-1. Capacitive contributions are in black .........153 

Figure 6.12. Images for 2D-TIS2 100 nm membranes: (a) after filtration, (b) after being formed 

using a punch; (c) SEM image of nanosheets stacked on membrane surface .................155 

Figure 6.13. (a) Charge–discharge curves for a membrane made from 50 nm 2D-TiS2 (1.6 mg/cm2) 

cycled in a Swagelok cell. Cells were cycled at 0.5 to 10 A g-1 between 1.5 and 3 V. (b) 

Rate capability at various charge and discharge rates for 2D-TiS2 and B-TiS2 film .......155 

 

CHAPTER 7.  Connecting Electrochemistry to the Nanoscale Architecture in Mesoporous 

Silicon 

Figure 7.1. SEM images of mesoporous silica synthesized through a sol-gel based, di-block co-

polymer directed self-assembly method (a,b). The porous powder is comprised of 1 – 100 

μm grains consisting of ordered pores. The low angle scattering of mp-SiO2 consist of one 

main peak at 0.48°, which corresponds to a d-spacing of 19 nm (c). Barret-Joyner-Halenda 

pore size distribution of mp-SiO2 calculated from the nitrogen adsorption isotherm. The 
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pore width is calculate to be 12 nm, and is in excellent agreement with the SEM 

analysis. ............................................................................................................................167 

Figure 7.2. X-ray diffraction of Ar-Si (a) and Fg-Si (b) before acid etching, and after etching in 

HCl and HF.  Several crystalline phases (Si, MgO, Mg2Si) are present in the samples as a 

result of the reduction reaction of mp-SiO2 with Mg. The more chemically active 

magnesium containing phases are etched into aqueous species with dilute HCl. Finally HF 

acid is used to etch away any silica that remains. After this chemical etching process, both 

samples exhibit pure-phase silicon. .................................................................................168 

Figure 7.3. TEM and SEM images of Ar-Si (a, b, c) and Fg-Si (d, e, f). The low magnification 

TEM images show that the micrometer sized particles are porous throughout, and the SEM 

images and high magnification TEM images show that the pore walls are smaller than 50 

nm. The sub-50 nm walls increase the electrochemical kinetic performance, and reduce the 

stress associated with repeated volume changes during cycling enabling long cycle 

lifetimes. ..........................................................................................................................170 

Figure 7.4. Comparison of Barrett-Joyner-Halenda pore size distribution of Ar-Si (a), Fg-Si (b), 

and mp-SiO2 (c). This comparison shows that the Fg-Si retains the parent pore size 

characteristics better than Ar-Si. The large reduction in surface area for both reduced 

samples is attributed to the enlargement of the pores, which is a desired transformation that 

mitigates excessive electrolyte decomposition during electrochemical cycling. .............172 

Figure 7.5. Cumulative pore volume vs. pore width plot of Ar-Si (blue) and Fg-Si (green). The 

pore volume above 50 nm is similar for both samples, but below 50 nm Fg-Si has a two-

fold higher volume. This larger fraction of mesopores should be effective at 

accommodating volume change and facilitating fast, and reversible, charge transfer 
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reactions. ..........................................................................................................................175 

Figure 7.6. High resolution XPS of Ar-Si (a) and Fg-Si (b). Both XPS spectra show signal from 

zero-valent silicon and various higher oxidized silicon species. The observation of both 

zero-valent silicon and oxidized Si species indicates there is only a thin oxide surface layer, 

which will be reduced to Si and Li2O during the first Li insertion process. ....................175 

Figure 7.7. Kinetic performance of Fg-Si and Ar-Si between C/10 – 5C (a). Corresponding 

galvanostatic voltage vs. capacity curves for Fg-Si (b), and Ar-Si (c). Fg-Si delivers higher 

capacity at every rate compared to Ar-Si due to the smaller pores, higher porosity and 

higher surface area. ..........................................................................................................176 

Figure 7.8. Cycle lifetime plots of Ar-Si and Fg-Si cycled at 2.5C  between 70mV and 1V vs Li/Li+ 

(a). Once C/10 cycle was performed before this cycle lifetime test to form the SEI (not 

shown). The coulombic efficiency corresponding to the cycle lifetime plots is plotted in a 

separate graph for clarity. (b) The long cycle lifetime, and high coulombic efficiency is 

attributed to the porous nanoscale architecture that enables the accommodation of the 

volume change during cycling. ........................................................................................177 

CHAPTER 8. Nanoporous tin with a granular hierarchical ligament morphology as a highly 

stable Li-ion battery anode 

Figure 8.1. EDS spectrum of the Sn15Mg85 parent alloy before dealloying (a). EDS spectrum of 

NP-Sn after dealloying showing that the magnesium signal vanishes as a result of the 

dealloying process (b). X-ray diffraction pattern of the parent alloy before dealloying 

(black), and of NP-Sn after dealloying (blue) (c).  The dominant crystalline phase after 

dealloying is β-tin. ...........................................................................................................188 

Figure 8.2. Scanning electron microscopy images of NP-Sn at different magnification (a-c). The 
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as-synthesized NP-Sn powder seen in the low magnification image consists of randomly 

shaped NP-Sn grains with sizes in the sub-10 μm range. The higher magnification images 

show the porous nanostructure, which consists of 100-300 nm ligaments and pores. ....189 

Figure 8.3. Transmission electron microscopy images of NP-Sn at different magnifications (a-c). 

These porous ligaments are the primary building-block of this hierarchical structure, and 

are constructed from small nanoparticles. The 3D interconnections of these ligaments form 

the secondary pore structure of the hierarchical NP-Sn architecture.   ............................190 

Figure 8.4. High resolution XPS spectra showing the Sn 3d region (a), and the O 1s region (b). 

XPS has a very shallow penetration depth, so the presence of both tin metal and tin oxide 

in the XPS spectra indicates that the surface of the NP-Sn is covered with only a thin oxide 

layer.  That layer is likely converted to tin and Li2O during the first lithiation cycle. ....192 

Figure 8.5. Nyquist plots of the first six cycles of a NP-Sn electrode recorded at 1.0 V after a 60 

second rest (a). Charge transfer resistance calculated from the mid-frequency semicircle 

region the Nyquist plots (b). This data shows that the charge transfer resistance 

significantly decreases as the thin tin oxide surface layer on the NP-Sn is reduced. ......193 

Figure 8.6. Voltage as a function of capacity for NP-Sn at current density of 250 mA/g (0.38C) 

(a).  Red, black, blue, and green traces correspond to the 1st, 25th, 50th, and 100th cycle, 

respectively. Capacity and coulombic efficiency recorded at 250 mA/g as a function of the 

cycle number showing the long cycle lifetime (b).  Charge curves are shown in black, 

discharge in blue. One high current activation cycle (insertion and deinsertion at 1 A/g or 

1.5C) was performed over the voltage range from the OCV of the as synthesized Sn (2.6-

2.4 V vs. Li/Li+) down to 0.07 V and then back up to 1V prior to long term cycling. ...195 

Figure 8.7. Three dimensional visualization of the nano/meso structure of the Sn electrode at 
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different cycling stages. Panel (a) shows the pristine sample; panel (b) is the electrode 

recovered after one electro-chemical cycle at 1.2 V; panel (c) shows the fully lithiated 

sample at 70 mV. Panels (d), (e), and (f) are the magnified isosurface renderings of the 

highlighted areas in panels (a), (b), and (c), respectively. The scale of each volume is 

indicated in the panels. .....................................................................................................198 

Figure 8.8. Capacity of NP-Sn as a function of cycle number at different current densities (a).  

Charge data is shown in black, discharge in green. Discharge capacity of NP-Sn as a 

function of the deinsertion time (b). ................................................................................201 

CHAPTER 9. Reducing the Large Volume Change in Alloy Anodes through Porous 

Nanoscale Architectures 

Figure 9.1. Microscopy characterization of NP-Sn. Secondary electron images of NP-Sn showing 

particles between 1-10 μm that are comprised of an interwoven network of interconnected 

solid tin nano-ligaments and nano-pores (a,b). Backscattered image of NP-Sn after ball mill 

slurry processing showing that these structures are not compromised during the vigorous 

mixing process (c). Transmission X-ray microscopy absorption image of NP-Sn 

demonstrating the nano-scale resolution of this technique that allows visualization of the 

nanoscale pores and ligaments (d). ..................................................................................216 

Figure 9.2. The operando voltage vs. capacity plots of dense tin (a) and NP-Sn (b) normalized by 

only the mass of tin in the electrode. The current density used for the dense tin electrodes 

was 356 mA/g, and the current density used for NP-Sn was 724 mA/g.  Plots of dQ/dV for 

dense tin (c) and NP-Sn (d) showing typical profiles for the lithiation/delithiation of tin. 

The dQ/dV profile for NP-Sn is broadened compared to dense tin indicative of the high 

surface area nature of the material. ..................................................................................218 
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Figure 9.3. Absorption images of tin collected from an X-ray transparent pouch cell using a 

Transmission X-ray microscope at 8.95 KeV. Decreasing voltage (left-to-right) 

corresponds to increasing Li-concentrations (a). Dense tin (top) undergoes a burst-

expansion mechanism, which occurs predominantly at the end of the insertion process. This 

process leads to tremendous strain in the material followed by crack propagation observed 

at 0.05V. The NP-Sn (bottom) expands less than dense tin and evolves to the final lithiated 

state more homogeneously. Increasing voltage (left-to-right) corresponds to decreasing Li-

concentrations (b). Dense tin (top) was irreversibly deformed, and does not return to its 

original shape or size indicating poor utilization of the active material. The nanoscale 

architecture NP-Sn (bottom) contracts back nearly to its original size leading to the long 

cycle lifetimes of this material.  .......................................................................................221 

Figure 9.4. Percent areal expansion of dense tin (black-squares) and 5 μm NP-Sn (green circles) 

and 10 μm NP-Sn (red triangles) at different voltages (lithiation states). The areal 

expansion is defined as ((areaE /areaOCV)-1)·100. Dense tin is lithiated through a burst 

expansion mechanism, and ultimately undergoes a large expansion. NP-Sn is lithiated 

homogeneously, and undergoes a significantly smaller expansion that leads to the improved 

cycle life. Dense tin does not contract back to its original size as a result of irreversible 

deterioration during the first lithiation. In stark contrast, NP-Sn contracts back to its 

original size, which is directly related to the high reversibility of this system. ...............223 

Figure 9.5. Absorption images of NP-Sn collected from an X-ray transparent pouch cell using a 

Transmission X-ray microscope at 8.95 KeV (image contrast adjusted to increase 

visibility). A TXM image of a NP-Sn particle before cycling (a,d) an image of NP-Sn in 

the lithiated (expanded) state (b,e)  an image of NP-Sn in the delithiated state (c,f). The 
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lithiated state contains two classification of pores. Larger pores have formed during the 

expansion process, in addition to preservation of the original smaller porosity. The ligament 

backbone of the NP-Sn also increases in size, as is expected, but the interconnections of 

the nano-tin based ligaments appear to be uninterrupted. The interconnected pores and 

ligament architecture is fundamental to the enhanced performance of this system. .......225 

 

CHAPTER 10. Mesoporous Ni60Fe30Mn10-alloy based metal/metal oxide composite thick 

films as highly active and robust oxygen evolution catalysts 

Figure 10.1. Elemental and structural analysis. Energy dispersive x-ray spectroscopy traces for 

the parent alloy before (a) and after (b) dealloying. The initial Mn-rich parent alloy has lost 

the majority of its Mn during dealloying. (c) X-ray diffraction patterns for the parent alloy 

before (black) and after (red) dealloying. The parent alloy is crystalline with a cubic crystal 

lattice, while the corresponding dealloyed mesoporous metal/metal-oxide structure is 

amorphous ........................................................................................................................237 

Figure 10.2. (a) XPS survey spectrum of the surface of the of our mesoporous NiFeMn-based 

catalyst.  Panels (b) – (d) show high resolution scans in the metal 3p regions.  Data is shown 

for Ni 3p (b), Fe 3p (c), and Mn 3p (d).  All data can be well fit with a single oxidation 

state corresponding to Ni3+, Fe3+, and Mn2+ ....................................................................238 

Figure 10.3.  XRD of dealloyed mesoporous Ni90Mn10 at. %.  The materials is crystalline, with a 

crystal structure very similar to pure Ni.  Some broad diffraction peaks from manganese 

oxide are also observed.  The crystal structure is quite different from dealloyed mesoporous 

Ni60Fe30Mn10, as presented in Fig. 1c in the main manuscript, which shows no crystalline 

diffraction peaks ...............................................................................................................240 
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Figure 10.4. HRTEM image of a ligament in the NiFeMn-based catalyst. The ligament is covered 

with an oxide layer a few nm thick, demarcated by the dashed yellow like. In contrast to 

the data in figure 1C, both the metal ligament and the oxide coating show lattice fringes 

typical of a crystalline material. Crystallinity in both components like arises from electron 

beam induced crystallization............................................................................................241 

Figure 10.5. Raman spectrum of our mesoporous Ni60Fe30Mn10 metal/metal oxide composite .242 

Figure 10.6. Microstructural characterization. Scanning electron micrographs showing a fracture 

cross-section of our 300 µm-thick mesoporous catalyst at different magnifications. The 

ligament size is on the order of 10 nm. The layered pattern comes from cold-rolling the 

parent alloy down to the desired thickness before dealloying .........................................244 

Figure 10.7. Nitrogen adsorption (black) and desorption (red) isotherms. The linear regime at low 

relative pressures (Inset) was used to calculate the BET specific surface area of the 

mesoporous catalyst .........................................................................................................245 

Figure 10.8. Volume weighted BJH pore size distribution determined from the adsorption branch 

of the isotherm. The average pore size is ~10 nm ...........................................................245 

Figure 10.9. Nitrogen porosimetry data for the mesoporous Ni90Mn10-based catalyst. Part (a) 

shows the raw adsorption (black) and desorption (red) isotherms.  Part (b) show the volume 

weighted BJH pore size distribution determined from the adsorption branch of the 

isotherm.  The BET surface area is 103 m2/g. The majority of pores are found in the range 

between 3 and 9 nm .........................................................................................................246 

Figure 10.10. Nitrogen porosimetry data for the mesoporous Fe90Mn10-based control sample. Part 

(a) shows the raw adsorption (black) and desorption (red) isotherms.  Part (b) show the 

volume weighted BJH pore size distribution determined from the adsorption branch of the 
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isotherm.  The BET surface area is 206 m2/g. The majority of pores are found in the range 

between 2 and 30 nm .......................................................................................................247 

Figure 10.11. Electrochemical characterization of various metal/metal-oxide catalysts in 0.3 M 

KOH. Successive cyclic voltammograms recorded on free-standing metal/metal-oxide 

mesoporous catalysts with metal stoichiometries of Ni90Mn10 (blue), Fe90Mn10 (black), and 
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CHAPTER 1 

Introduction 

1.1 Introduction 

The demand for clean portable energy sources is rapidly increasing. However, fossil fuels 

continue to provide portable, cheap energy that powers our homes and cars. Consumption of these 

fossil fuels raises concern about the lifetime of the reserves, and the negative environmental impact 

resulting from the use of these energy sources. Widespread adoption of green energy solutions like 

electric vehicles and residential-based solar cells may be a solution to significantly reduce the use 

of fossil fuels. For transportation based applications, the most ideal manifestation of this 

technology would be based on the utilization of green energy generation, like solar and wind, 

which could be transmitted through the existing energy transmission infrastructure to charge 

batteries for electric vehicles. However, the Li-ion batteries currently used to power electric cars, 

buses, and motorcycles are slow to charge and do not provide long ranges.  At the current time of 

writing this dissertation, the lithium ion batteries used to power electric vehicles provide a range 

of roughly 10 – 200 miles, and take anywhere between 2 – 8 hours to fully charge. These 

limitations largely derive from the active energy storage materials used in the battery. Advanced 

morphology modification of available battery materials does have the potential to reduce the 

charging times considerably, as well as increase the energy density of today’s most advanced 

batteries dramatically. 

In the first part of this dissertation (Chapters 2-6), pseudocapacitive energy storage materials 

are discussed, which have several advantages over traditional batteries. Batteries offer high energy 

density storage by utilizing reversible redox reactions, but slow ionic diffusion (10-10 - 10-15 cm2
 s

-

1) leads to long charging times.1–4 Double layer capacitors (ELDCs) offer some of advantages over 
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batteries including fast charging times (<1 minute) and long lifetimes (~500,000 cycles); however, 

since ELDCs do not involve redox reactions, they have low energy densities compared to 

batteries.2,5–8 Pseudocapacitive charge storage combines the advantages of batteries and ELDCs 

by storing Li-ions at the surface or near the surface of nanostructured materials, thereby reducing 

solid state diffusion pathways while maintaining the energy densities typical of redox-based charge 

storage reactions.9 The nanoscale architectures that enable pseudocapacitance affords short ion-

diffusion path lengths and good electrolyte accessibility, which can result in fast charge/discharge 

pseudocapacitors.7,8,10–14 Pseudocapacitance can be categorized as redox pseudocapacitance, 

strictly a surface process, or intercalation pseudocapacitance, which is not limited to the surface. 

Redox pseudocapcitance becomes the dominating charge storage mechanism in extremely small 

nanoparticles like RuO2,
15–18 TiO2,

19 MnO2,
20 NiCo2O4,

21 and I2O3.
22 Since this charge storage 

mechanism requires nanocrystals with very high surface areas to achieve these high rates, the types 

of materials that can be used are limited.    

Larger nanostructured materials can be used when intercalation pseudocapacitance is the 

dominant charge storage mechanism allowing new classes of materials to be used that are too 

difficult to prepare extremely small (because of thermal coarsening during crystallization). This 

type of charge storage occurs when ions intercalate into the channels or layers of some 

nanostructured redox-active materials accompanied by a faradaic charge-transfer. This mechanism 

is distinguished from redox pseudocapacitance by deeper ion penetration into the active material 

while still exhibiting capacitive-like characteristics. In a seminal study on mesoporous MoO3,
23 it 

was shown that this layered material could undergo intercalation reactions, that appeared 

capacitive, over much larger distances (20 nm wall thickness) than had been reported at that time. 

Dunn et al. demonstrated that 40 nm Nb2O5 nanocrystals showed > 80% pseudocapacitive charge 



3 

storage.24,25 These studies demonstrate that pseudocapacitance is not strictly limited to the surface 

of a material, and just how far into the material faradaic reactions occur, while still appearing 

capacitive, is highly dependent on the material composition and material morphology. In 

particular, this dissertation delves into how the size dependency of capacitive charge storage is 

related to chemical composition using oxide and sulfide based materials.  

  In chapter 2, 3 the fundamental structural charge storage mechanism of intercalation 

pseudocapacitance is explored. In these chapters, and subsequent chapters in this dissertation, we 

develop advanced structural characterization tools, that when used in combination with 

quantitative electrochemistry, provides convincing evidence that fast intercalation 

pseudocapacitive reactions do occur in the bulk of a nanocrystal. This ‘bulk’ type (de)insertion 

behavior is usually accompanied by phase changes during the (de)intercalation process, which can 

dominate the Li-ion reaction kinetics.26–34 Therefore, one central aim of this this work, is to 

examine the phase stability of pseudocapacitive energy storage materials that intercalate Li-ions. 

Nanostructuring certain materials is a powerful way to modify the solubility limits and equilibrium 

compositions of lithiated and non-lithiated phases in a material, and is a strategy to completely 

suppress phase transformations.35,36 This is important in order to determine if materials that 

undergo phase changes are precluded as fast capacitive energy storage materials. In chapter 2, we 

synthesized 10-15 nm MoO2 nanoparticles, which showed a large contribution of intercalation 

pseudocapacitance because the first-order phase transition concomitant with charge storage was 

suppressed. Since the (de)insertion kinetics were no longer pinned to this sluggish phase 

transformation, capacitive intercalation reactions dominate the charge storage process.  

In Chapter 3, we examined the phase stability of MoO3, and found that, nanostructuring alone 

was not enough to control the phase stability, but by incorporating oxygen vacancies in the material 
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we could, again as in the case of MoO2, suppress the first-order phase transition, which led to fast 

kinetics and a large capacitive response. These studies indicate that charge storage without a phase 

transformation is ultimately responsible for fast capacitive charge storage mechanisms deeper in 

the bulk of a material. Transition metal sulfides present another platform to explore the concept of 

enlarging the capacitive reaction distances, and to develop a framework to understand the charge 

storage mechanism in these materials. 

In chapter 4, 5, and 6, we extend what we learned from oxide based structures, and explore 

sulfide based materials for pseudocapacitive applications. In particular we look at the layered metal 

dichalcogenides MoS2 and TiS2, which are formed from weakly bonded S-Metal-S layers. Guest 

ions, like Li-ions or Na-ions, can intercalate between these sulfur layers, and should interact more 

weakly with the lattice compare to oxides. In Chapter 4, ordered mesoporous MoS2 thin films were 

prepared to study the fundamental properties of the material. The thin film format was also chosen 

to eliminate the need for conductive carbon additives or binders in order to isolate the effects of 

nanostructuring. Generally we first made precisely designed mesoporous structures utilizing 

evaporation-induced block copolymer templating of sol-gel based materials that were then 

converted into the desired functional material though a solid-gas phase reaction. In this system we 

found that, even though the charge storage was akin to traditional intercalation reactions, the 

electrochemical analysis showed that this process was not limited by semi-infinite diffusion. In 

other words, Li-ions and Na-ions intercalating into the bulk of the nanocrystal walls show the same 

electrochemical signatures to that of an ion adsorbing to a surface. 

 Building upon this fundamental understanding of transition metal chalcogenides, we designed 

a synthetic procedures for MoS2 nanocrystals and TiS2 nanocrystals to examine the idea of phase 

stability and the relationship to pseudocapacitive charge storage. Similarly to the phase transition 
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suppression we observed in the oxide base systems, we found that the cycling induced phase 

transformation was suppressed in the nanostructured forms of these sulfide based materials. In 

total, we studied 10-30 nm nanostructures of two different metal oxide compositions, and two 

different metal sulfide compositions, all with widely different morphology, finding that, in general, 

materials that store charge through a pseudocapacitive charge storage mechanism do not undergo 

phase transformations. That is to say, if the material undergoes a phase transition during charge 

storage it is not pseudocapacitive; however, charge storage in those systems undergoing phase 

transitions may still be fast. 

The methods we have described for precisely designing nanoscale architectures tailored for 

high power can also be used to enhance the properties of high energy density materials, too. Silicon 

and tin are attractive Li-ion battery anode materials for their high energy density, high elemental 

abundance and non-toxicity.37–42 However, full lithiation of silicon and tin is accompanied by a ~ 

300% volume expansion which pulverizes the particles leading to rapid material failure.41,43–50 

Nanostructuring alloy-type anode materials is an effective strategy to increase the cycle lifetimes 

in alloy-type anode materials.51–61 However, extremely high surface area nano-materials, like 

nanoparticles and nanowires tend to cause unwanted reactions (electrolyte decomposition) 

between the electrode and electrolyte interface, leading to a build-up of gases, insulating surface 

coatings, and ultimately, failure of the device. In response to these issues, nanoporous architectures 

that consist of interconnected nanoscale grains have been demonstrated to increase the cycle 

lifetime of alloy-type anode materials significantly.62–67 The interconnected nano pore walls 

improve the connections between the nanoscale grains, which, in free nanoparticles, are typically 

poorly conducting due to highly resistive surface oxide coatings. The porosity in these materials 

is thought to effectively protect the material against volume induced degradation. 
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Building upon the ideas that porous structures can enhance cycle lifetime, we move forward in 

developing methods to precisely control the nanoscale architecture in these systems. In Chapters 

7 - 8, novel synthesis methods for preparing porous tin and silicon are discussed. In Chapter 7 we 

discuss a method to make porous silicon through a two-step process. First, precisely designed 

mesoporous silica was made through self-assembly of a block copolymer and organo-silane that 

can undergo sol-gel type condensation. 68–71 The resulting porous silica powder is reduced using 

magnesium vapor yielding micrometer particles, which are comprised of interconnected 

nanometer grains arranged in a porous structure. 38,65,66,72,73 The process is decoupled into two-

steps because the synthesis of porous silica can be controlled extremely welland allows more 

control over the porous silicon structures. The importance of the interconnected structures ability 

to extending cycle lifetime is paramount in systems like silicon that are poor electronic conductors 

and that expand during charge storage. 

In Chapter 8 and 9, we discuss another, related, synthesis method to make nanoporous tin, and 

use that material as a platform to study volume change in nanoporous materials. Bulk nanoporous 

metals are commonly made by dealloying,74 a top-down nanosynthesis technique where the 

most chemically active element is selectively removed from a dense parent alloy using 

acidic or alkaline aqueous electrolytes,75,76,77,78,79 usually in combination with a bias 

voltage.80,81 The nanoporous tin studied in this dissertation work was synthesized by 

selectively removing magnesium from a Mg85Sn15 alloy. The large magnesium 

concentration gives sub-10 μm particles that are built from a nanoscale architecture. The 

novel interconnected nanoscale porous architecture allows for reversible changes over 350 

cycles. In addition, the storage kinetics of tin are typically very slow, but this nanoscale 

architecture reduces the charge/discharge time to 30 minutes. The benefits to 
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nanostructuring alloy-type materials like tin and silicon are extremely clear from these 

studies, but the fundamental understanding of how porosity accommodates cycling induced 

volume change remains unclear.     

In order to make rational predictions about effective nanoscale architectures, a fundamental 

understanding of the structural changes that occur upon lithium insertion/deinsertion is necessary. 

In Chapter 9 we inquired about the fundamental ways in which these porous structures 

accommodate volume change. Operando transmission electron microscopy has been used to probe 

these structural changes in nanostructured battery materials.50  While this technique provides high 

resolution imaging of the active materials during battery operation, there are several key 

limitations with this technique. Namely, in-situ TEM is limited to thin specimen sizes which 

precludes materials in their native thick electrode environment. By contrast, transmission X-ray 

microscopy (TXM) utilizes X-ray’s low cross section with most battery materials to image thicker 

samples. 82–87 Imaging of this type is more representative of the actual electrode environment. The 

resolution of this method is ~30 nm (at Stanford Synchrotron LightSource Laboratory Beamline 

6-2), which is well matched to the morphology of the nanoporous tin. This study revealed that the 

expansion of porous tin was much smaller than dense tin. This is intuitively what we expected, but 

for the first time we were able to directly observe volume accommodation in individual porous 

particles during real-time operation of a battery.  

Another potential solution to environmental concerns is the production of hydrogen to be used 

as a fuel. Hydrogen is typically made from the steam reforming of methane, which produces a lot 

of CO2 as the byproduct. One alternative method currently being explored is solar electrolysis; 

however, to make this process economically feasible, catalyst are used to decrease the over-

potential to break the bonds in water. In the last chapter of this thesis (Chapter 10), the properties 
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of porous NiFeMn is studied as an oxygen evolution catalyst. The surface chemical composition 

of this high surface area material was studied using X-ray photoelectron spectroscopy revealing 

that the markedly improved performance was due to the large number of active catalyst sites.     

 

The ability to precisely control the nanoscale architectures of important Li-ion battery materials 

has led to significant performance enhancements in these materials. These materials, and their 

novel associated nanostructures, have enabled advanced characterization studies to be carried out, 

enabling a fundamental understanding of the properties that govern energy storage materials in 

general. In Chapter 11 the results of this thesis will be summarized, and the impact of this work 

on the energy storage field will be discussed.   
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CHAPTER 2 

The Development of Pseudocapacitive Properties in Nanosized-MoO2 

2.1 Introduction 

Capacitive energy storage is distinguished from other electrochemical energy storage 

approaches by short charging times and the delivery of significantly more power than batteries1. A 

key limitation to this technology is its low energy density and, for this reason, there is growing 

interest in pseudocapacitive materials that store charge through faradaic reactions at or near the 

surface2,3 thus leading to energy densities which approach those of batteries (~100 Wh kg-1)4. In 

recent papers, we have suggested that pseudocapacitive materials can be classified as extrinsic or 

intrinsic5, 10. Examples of intrinsic pseudocapacitive materials are RuO2·nH2O
6, MnO2

7, and T-

Nb2O5
8. The electrochemical properties of extrinsic pseudocapacitor materials are dependent on 

particle size, with fundamental changes in redox reactions occurring in finite sized systems. Phase 

transformations and solid-state ion diffusion in these materials limit fast kinetics. However, 

pseudocapacitance can be achieved by developing nanostructures with short ion diffusion path 

lengths, since the diffusion time is proportional to the square of diffusion length and inversely 

proportional to diffusivity9.  

In addition, phase transformations associated with battery-type energy storage may be 

inhibited in nanostructured materials. We hypothesize that the suppression of phase 

transformations is required in the cross-over from battery-like charge storage to extrinsic 

pseudocapacitive charge storage because nucleation and growth of new phases are kinetically 

slow10. For example, LiCoO2 shows extrinsic pseudocapacitive properties, e.g. a sloping 

galvanostatic voltage profile, when the material is nanostructured. However, as a micron-sized 
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material, the sloped voltage profile changes to a flat discharge curve, indicative of a bulk material 

undergoing a phase transformation11.   

Molybdenum dioxide (MoO2) is a promising negative electrode material for lithium ion 

batteries because of its low metallic resistivity (8.8 × 10-5 Ω cm at 300 K), capacity  up to 840 

mAh g-1 (if four-electron redox reactions are considered), and high density (6.5 g cm-3)12-14. The 

pseudocapacitance in MoO2 was mentioned in a previous report15; however, this material has only 

been investigated for high energy density battery applications because of poor kinetic behavior. 

MoO2 belongs to the space group of P21/c, which is constructed from a tunnel structure framework. 

The framework possesses a rutile-type structure which consists of MoO6 octahedra linkages that 

form one dimensional channels along the a-axis where Li-ions can be inserted/extracted 

reversibly16, 17. Li+ ion-based charge storage in MoO2 occurs by two different mechanisms: (i) Li+ 

ion insertion/deinsertion into the tunnel sites between 1.0 to 3.0 V (vs. Li/Li+)17, and (ii) a 

conversion reaction below 1 V (vs. Li/Li+)18. The electrochemical conversion reaction19 in MoO2 

leads to a much higher theoretical capacity of 630 mAh g-1 compared to 210 mAh g-1 for the one-

electron insertion/deinsertion process.  

In most previous studies on MoO2 both the intercalation process and the conversion 

reaction were utilized to achieve high capacity12-14. The conversion reaction, however, is generally 

slow and the reversibility is poor due to a large volume expansion during the conversion. Thus, the 

one-electron lithium intercalation reaction is a more promising charge storage mechanism for 

pseudocapacitive energy storage. Unfortunately, the one-electron intercalation process suffers 

from poor rate capability because the material undergoes a phase transformation between the 

monoclinic and orthorhombic phases during charging and discharging. The phase transition 

decreases the metallic conductivity by disrupting the pairing of molybdenum along the Mo atom 
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chains in the monoclinic phase, resulting in reduced conductivity for LixMoO2
17. Potentially, 

however, the rate capability could be improved by nanostructuring MoO2, as was shown in the 

case of LiCoO2 
20.  

The synthesis of MoO2 has generally has been achieved by reduction of MoO3 under 

reducing conditions (using H2 gas) at high temperature (> 600 °C) leading to large particle sizes 

21-23. Nanostructured MoO2 has also been previously synthesized by reducing phosphomolybdic 

acid (Mo6+) to MoO2 (Mo4+) in hydrogen while controlling the particle size in hard templates such 

as SBA 1514. This method requires multiple steps: synthesis of the hard template followed by 

synthesis of the nanostructured MoO2 and template removal13, 14. Hydrothermal synthesis has 

several advantages compared to these high temperature reduction methods. The key advantage is 

that crystalline nanoparticles can be synthesized at relatively low temperature (180 °C) within a 

day24.  

In the current study we use MoO2 as a model system for creating an extrinsic 

pseudocapacitor. MoO2 is an exemplary material because in nanostructured form, we find that the 

aforementioned phase transformation is suppressed while the morphology provides short ion 

diffusion path lengths. The interrelationships between nanoscale architecture and electrochemical 

kinetics of nanosized-MoO2 are determined and results are compared with microsized-MoO2. The 

use of reduced graphene oxide (RGO) as a scaffold for growing MoO2 nanoparticles improves 

charge storage properties and offers a route for fabricating practical electrode architectures.  

2.2 Results 

2.2.1 Materials characterization of nanosized-MoO2 and microsized-MoO2  
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Figure 2.1a and b show XRD patterns of hydrothermally synthesized MoO2 and ball milled 

MoO2 particles. Both XRD patterns can be indexed as monoclinic MoO2 (space group = P21/c, 

JCPDS 032-0671) without the presence of secondary phases. The diffraction peaks of 

hydrothermally synthesized MoO2 particles were broader compared to the much narrower peaks 

of the ball milled MoO2 particles, indicating that the crystallite size of the hydrothermally 

synthesized MoO2 particles (nanosized-MoO2) were much smaller than ball milled MoO2 particles 

(microsized-MoO2). The shape and size of nanosized-MoO2 and microsized-MoO2 were observed 

by TEM. Figure 2.2a and 2.2b show TEM images of nanosized-MoO2 which confirmed that these 

MoO2 particles have spherical like shape with sizes in the range of 10 to 15 nanometers. Figure 

 

Figure 2.1. XRD patterns of (a) nanosized-MoO2, (b) microsized-MoO2, and (c) MoO2-RGO 

hybrid. 
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2.2c and 2.2d show the TEM images of microsized-MoO2 particles that consist of particles that are 

0.2 to 1 𝜇𝑚 in size. 

2.2.2 Electrochemical properties of nanosized-MoO2 and microsized-MoO2  

Ex-situ XRD was used to investigate the relationship between structure and 

electrochemistry for microsized- and nanosized-MoO2. These experiments were carried out using 

thick composite electrodes (active material, binder, and carbon) in which loading of the MoO2 

electrodes was ~1 mg cm-2. As mentioned previously, cycling in a voltage window between 1.1 

and 3.0 V (vs Li/Li+) corresponds to Li-ion insertion into the channels of monoclinic-MoO2.  The 

monoclinic phase is reported to be a metallic conductor13 because Mo-Mo pairing along the Mo 

atom chains in the lattice gives rise to metallic conductivity. Insertion of Li-ions into the 

 
Figure 2.2. TEM images of (a, b) nanosized-MoO2, (c, d) microsized-MoO2, (e, f) MoO2-RGO 

hybrid. 
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monoclinic phase of MoO2 has been reported to lead to a phase transformation from the monoclinic 

to the orthorhombic phase when the amount of Li (x in LixMoO2) is above 0.517. This phase change 

disrupts the Mo-Mo pairing and consequently lowers the electronic conductivity17
.  

Figure 2.3a displays the ex-situ XRD patterns associated with the galvanostatic charge and 

discharge profiles for microsized-MoO2. The galvanostatic plot in Figure 2.3a shows two plateau 

regions which are related to two different Li+ ion sites along the MoO2 tunnels. In the diffraction 

patterns shown in Figure 2.3a, it was confirmed that during discharge a new phase (orthorhombic) 

appeared at 1.25 V (vs. Li/Li+) and that during charge, this phase (orthorhombic) completely 

returned to the initial phase (monoclinic) at 1.85 V. The first order nature of the phase transition is 

clearly evidenced by the discontinuous change in peak position, and by the coexistence of both 

phases at voltages near the transition point. The phase transformation occurring with microsized-

MoO2 precludes its use as an electrode material for capacitive energy storage10.  

Markedly different electrochemically induced structural behavior occurs for nanosized-

MoO2.  Specifically, the monoclinic-to-orthorhombic phase transition seen in microsized-MoO2 is 

completely suppressed in nanosized-MoO2 (Figure 2.3b). We postulate that suppression of the 

phase transition is a nanosize effect, in which nucleation of the new phase in the confined space of 

the nanoparticle is unfavorable, resulting in an increase in transition voltage. Similar nanosize 

effects have been demonstrated in other nanocrystal systems.  For example, in CdSe nanocrystals, 

the transition pressure for pressure-induced solid-solid phase transitions becomes elevated in finite 

size systems27. While the phase transition is suppressed in nanosized-MoO2, some small and 

continuous changes in XRD peak positions are observed, with a small lattice expansion upon Li+ 
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insertion, followed by a recompression on Li+ extraction. These small changes imply that the 1-D 

tunnels provide fast diffusion pathways and ample Li+ sites without need for structural 

rearrangement. In establishing the relationship between electrochemical properties and structural 

variations, the complete suppression of a first order solid-solid phase transition implies that 

nanosized-MoO2 behaves as an extrinsic pseudocapacitor material.  

Galvanostatic cycling and cyclic voltammetry measurements were carried out on both thin 

and thick film electrodes of nanosized-MoO2 and microsized-MoO2 to provide greater insight 

regarding their respective electrochemical properties. Figure 2.4a and 2.4b (thick film electrodes) 

show galvanostatic charge/discharge cycling at C/10 for nanosized-MoO2 and microsized-MoO2, 

respectively. Higher capacity is observed for the first discharge in nanosized-MoO2 due to a greater 

amount of solid electrolyte interface (SEI) layer being formed on the nanoparticles. The absence 

of a phase transformation in nanosized-MoO2 leads to a sloped voltage profile which is a typical 

Figure 2.3. Ex-situ XRD patterns of (a) microsized-MoO2 and (b) nanosized-MoO2 collected 

at various potentials between 1.1 – 3V (V vs. Li/Li+). The galvanostatic plots (C/10) are 

included in order to compare the ex-situ XRD patterns with the electrochemical signatures. 
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feature of pseudocapacitive charge storage10 (Figure 2.4a). In contrast, the voltage profile in 

microsized-MoO2 has two plateau regions during the charge and discharge process (Figure 2.4b). 

Figure 2.4c and 2.4d display voltammetric sweeps for thin film electrodes at 1 mV s-1 where the 

measured current has been separated into two parts; one is diffusion-controlled (-½ dependence) 

and the other is capacitor-like ( dependence)28, 29. The grey areas in Figure 2.4c and 2.4d represent 

the potential dependence for the latter and show that there is very little difference between the two 

materials; approximately 60 % of the charge storage was diffusion-controlled in both nanosized-

MoO2 and microsized-MoO2. Even though both materials show numerically similar diffusion-

controlled current contributions, we show below that processes other than Li+ diffusion are limiting 

the kinetics in the nanosized-MoO2 sample. Fundamentally, redox processes in nanosized-MoO2 

are pseudocapacitive, whereas the process in microsized-MoO2 is not. 

 
Figure 2.4. Electrochemical performance characteristics: galvanostatic charge-discharge 

profile at C/10 rate and kinetic analysis for nanosized-MoO2 (a, c) and microsized-MoO2 (b, 

d), and (e) rate capability comparisons between nanosized-MoO2 (N-MoO2) and microsized-

MoO2 (M-MoO2) with the thick electrodes. 
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Thick electrode samples (~1 mg cm-2) were prepared to examine the effect of higher mass 

loadings as these results are more pertinent for device applications. As shown in Figure 2.4e, the 

nanosized-MoO2 showed higher capacity and better rate capability than microsized-MoO2. 

Nanosized-MoO2 stored more than 100 mAh g-1 at a 10 C-rate which represents fast 

charge/discharge kinetics for a battery material. Microsized-MoO2 exhibits ~ 40 mAh g-1 at this 

C-rate, thus substantiating the better kinetic properties for nanosized-MoO2. It is evident, however, 

that nanosized-MoO2 has limitations as the capacity dropped to about 50 mAh g-1 at 20 C-rate. 

Even though nanosized-MoO2 exhibits several characteristic features of pseudocapacitance such 

as sloping voltage profiles, no phase transformation, and small peak voltage separation (Figure 

2.4c), the material does not meet a key criterion for high-power devices applications, where the 

materials need to be able to store substantial amounts of charge in 1 min (~ 60 C-rate) or less4. For 

this reason, in the next section we explore the surface chemistry of these particles as a way to 

explain this apparent contradiction.  

2.2.3 Surface oxidation of nanosized-MoO2 

 There is an indication in the literature that the MoO2 nanoparticles are susceptible to surface 

oxidation. Monoclinic MoO2 is a metallic conductor, however, the material oxidizes readily 

because of the high surface area of the MoO2 nanoparticles30. The surface oxide coating results in 

formation of a less electronically conducting material which critically impedes the charge transfer 

reactions. In order to examine this issue, XPS measurements were performed on nanosized-MoO2. 

Indeed, higher oxidation states of Mo (Mo5+ and Mo6+) were observed on the surface of nanosized-

MoO2. After argon-ion etching, these higher oxidation states decrease significantly, leaving Mo4+
 

as the dominant oxidation state (as expected for MoO2), thus confirming that the oxidized Mo is 

indeed in surface sites (Figures 2.5a and 2.5c). These results allow us to understand the 
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electrochemical data in Figure 2.4:  both microsized and nanosized samples show predominantly 

diffusion controlled behavior, but it stems from very different phenomena. Charge transfer rates 

for nanosized-MoO2 are limited by the poorly conducting surface layer, while the kinetics in 

micron sized particles are likely limited by the slow kinetics of solid-solid phase transitions.    

2.2.4 Hybrid material with graphene oxide 

 One route to solving the problem of surface oxidation in nanosized-MoO2, is to synthesize 

MoO2 nanoparticles on reduced graphene oxide (RGO) sheets. Prior research on MoO2 with 

graphene or carbon was focused on improving the stability of conversion reactions31-34, but the 

 
Figure 2.5. XPS spectra of (a) nanosized-MoO2 and (b) RGO-MoO2 composites and XPS 

spectra after plasma etching of (c) nanosized-MoO2 (d) RGO-MoO2 composites. 
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same system can be used to address the oxidation problems discussed above. High angle XRD of 

as-synthesized MoO2-RGO hybrid materials (Figure 2.1c) can again be indexed as monoclinic 

MoO2 (JCPDS 032-0671) with similar peak broadening to that observed in the XRD pattern of 

nanosized-MoO2 in the absence of RGO. TEM images (Figures 2.2e and 2.2f) indicate there is 

uniform nucleation and growth of 15 to 20 nm MoO2 nanoparticles on the RGO sheets. XPS spectra 

for MoO2-RGO (Figures 2.5b and 2.5d) indicate that MoO2 nanoparticles on the RGO sheets also 

have an oxidized shell on the surface that can again be removed by argon-ion etching, but the fact 

that the MoO2 appears to nucleate directly on the GO means that the interface between RGO and 

MoO2 is likely to remain unoxidized and thus highly conductive.  

Another advantage of this system is the ease of synthesis.  The use of hydrothermal reactions 

to reduce the GO has been shown to produce materials with a high electrical conductivity. 

Following the work of Zhou et. al.35 we thus reduced GO to RGO during the same hydrothermal 

reaction used to synthesize the nanosized-MoO2, without the need for an additional reducing agent. 

Raman spectroscopy and XPS were used to characterize the reduction of GO in the MoO2-RGO 

hybrid. The Raman spectrum for the MoO2-RGO hybrid shown in Figure 2.6a is compared with 

spectra of GO and RGO. A key characteristic feature of Raman spectra in RGO is that the D peak 

  
 

Figure 2.6. (a) Raman spectra comparison, (b) high resolution carbon XPS spectra of GO, 

RGO-MoO2, and RGO reduced by various methods, and (c) TGA analysis on MoO2-RGO 

hybrid. 
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intensity (ID) is higher than G peak intensity (IG) due to the presence of unpaired defects remaining 

after removal of the oxygen containing functional group36. Both the RGO sample shown in Figure 

2.6a and the MoO2-RGO hybrid exhibit higher ID than IG. Another feature in the Raman spectrum 

for the MoO2-RGO hybrid is a shift of the G peak to lower wavenumber. This is due to the 

restoration of the conjugation which can be seen from the Raman spectra37. XPS data further 

confirms the reduction of GO to RGO by showing that the majority of the oxygen is removed from 

the carbon (Figure 2.6b). Finally we used TGA results (Figure 2.6c) to determine the amount of 

RGO in the MoO2-RGO hybrid. The weight increase observed at 350°C was due to the oxidation 

to MoO3 while the weight decrease at 450°C was due to the oxidation and subsequent volatilization 

of carbon. The amount of RGO was determined to be 12 % from the weight change of the MoO2-

RGO material.  

2.2.5 Electrochemistry of the MoO2-RGO hybrid 

 Cyclic voltammetry (CV) experiments carried out with the MoO2-RGO hybrid show the 

benefit of the hybrid approach. In comparing the MoO2-RGO hybrid with nanosized-MoO2 

(Figures 2.7a and 2.7b), thin film electrodes were used so that we can establish the fundamental 

properties of the active material (i.e., nanosized-MoO2 and the MoO2-RGO hybrid). The results 

reported for the hybrid include the weights of both components. The voltammetry scans indicate 

that each material exhibits oxidation and reduction peaks at comparable potentials (Figures 2.7a 

and 2.7b). One interesting difference is that nanosized-MoO2 exhibits a diminishing current 

response over the first 10 cycles while the current response increased with cycling for the MoO2-

RGO hybrid. The different behaviors could be the result of more stable SEI formation from the 

graphene oxide in the MoO2-RGO hybrid sample38. An analysis of the CV in terms of diffusion-

controlled and capacitor-like currents shows a significant change from that of Figure 2.4c. The 
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fraction of current which is capacitive is more than 80% for the MoO2-RGO hybrid (Figure 2.7c), 

which is about two times greater than that of nanosized-MoO2. Dispersing the MoO2 onto RGO 

circumvents the poor particle-to-particle conductivity that occurs with the oxidized surfaces of the 

MoO2 nanoparticles. A better kinetic response is observed for the MoO2-RGO hybrid because the 

MoO2 nanoparticles are directly connected to a conductive scaffold which facilitates the charge 

transfer process and impedes oxidation at the RGO-MoO2 interface. Figure 2.7d shows how the 

mass-normalized charge storage (in C/g) varies with sweep rate. At a sweep rate of 10 mVs-1, the 

 

Figure 2.7. Electrochemical performance characteristics with thin film electrodes: cyclic 

voltammetry at 10 mV/s sweep in (a) MoO2-RGO hybrid and (b) nanosized-MoO2, kinetic 

analysis on (c) MoO2-RGO hybrid, and (d) rate capability comparisons 
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MoO2-RGO hybrid exhibits about two times greater charge storage compared to nanosized-MoO2 

(615 C g-1 vs. 300 C g-1). This level of charge storage corresponds to a specific capacitance of 615 

F/g (voltage window of 1 V) for the hybrid material.  At 100 mVs-1 this value has decreased by 

only ~10% to 550 C g-1. Since a 1-electron redox reaction associated with MoO2 gives 210 mAh 

g-1 (756 C g-1), these results show that the MoO2-RGO hybrid is able to charge to nearly 75% of 

the theoretical capacity of MoO2 in < 30 seconds.   

 To complement the thin film electrode studies, Swagelok cells containing a thick electrode 

(~1mg cm-2) of MoO2-RGO hybrid were assembled. The intent here was to provide a better 

indication of how this hybrid material would function under conditions closer to those of an 

operating charge storage device. The results in Figure 2.8 represent the mass-normalized capacities 

for the active materials, namely nanosized-MoO2 and the MoO2-RGO hybrid. The galvanostatic 

charge-discharge curves shown in Figure 2.8a exhibit the potential-dependent sloping profile 

which is characteristic of a pseudocapacitor material. The rate capability for the MoO2-RGO 

hybrid is far better than that of nanosized-MoO2 (Figure 2.8b). This behavior is especially evident 

at high rates.  At 50C, the MoO2-RGO hybrid exhibits a discharge capacity of nearly 150 mAh g-

Figure 2.8. Electrochemical performance characteristics with thick electrodes: (a) 

galvanostatic charge-discharge profiles from 1 – 50 C rate, (b) rate capability comparison 

between MoO2-RGO hybrid and nanosized-MoO2. 
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1 while the nanosized-MoO2 is ~ 25 mAh g-1. It is interesting to note that the discharge capacity at 

C/10 for the MoO2-RGO hybrid exceeds the theoretical capacity (210 mAh g-1) of MoO2 in this 

voltage window. The additional capacity arises mainly from the contribution of RGO (35 mAh g-

1 in this voltage range39). These results show that the electrochemical performance of nanosized-

MoO2 is greatly enhanced due to the improved charge transfer from the RGO in combination with 

a more stable SEI layer. 

2.3 Discussion 

 We have used MoO2 as a model system in which to provide insight regarding the origins 

of an extrinsic pseudocapacitor material. Microsized-MoO2 undergoes a phase transformation 

upon lithium insertion and exhibits the characteristics of diffusion-controlled insertion/de-insertion 

kinetics. In contrast, nanosized-MoO2 displays several features which are signatures for 

pseudocapacitive charge storage:5,8 No phase transformation is observed upon lithiation (or de-

lithiation from LixMoO2) (Figure 2.3b), a sloping voltage profile in galvanostatic experiments 

(Figure 2.4a) and peak potentials that do not shift significantly with sweep rate (Figure 2.7).  

One explanation that is often provided for the pseudocapacitive response with nanoscale 

particles is the large number of surface states available which enable faster lithium ion storage 

reactions than occur in the bulk material.10,11 Thus, it is not surprising that the nanosized-MoO2 

exhibits significantly better kinetics than microsized-MoO2 (Figure 2.4e). In addition to fast Li-

ion storage near the surface, MoO2 stores charge through intercalation pseudocapacitance, where 

the entirety of the MoO2 nanocrystal participates in the faradaic charge storage process. It is 

evident that the charge storage process is not limited to a thin surface shell of the nanoparticle 

because nearly 75% of theoretical capacity is achieved over short charging times. The diffraction 
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data presented in Figure 2.3, allows us to begin to differentiate between diffusion controlled 

intercalation and intercalation pseudocapacitance based on the corresponding structural changes 

occurring within the particles.  For this system, the rate limiting diffusive step is not apparently 

Li+ diffusion within the channel network of MoO2.  Instead it is the diffusive propagation of the 

monoclinic-to-orthorhombic phase transition front. When that phase transition process is 

suppressed, Li+ intercalation can proceed much more quickly. While some structural changes do 

occur upon Li+ intercalation (e.g. the diffraction peaks in Figure 2.3b move to smaller 2𝜃� values 

during Li-ion insertion, which indicates that the crystallites undergo a lattice expansion), the 

change is continuous and thus does not apparently provide a kinetic barrier. In general, MoO2 

provides the clearest picture to date on the changes needed to convert a bulk material that is not 

pseudocapacitive into an extrinsic pseudocapacitor in finite sized systems. 

 The data presented here also provides another lesson for the creation of extrinsic 

pseudocapacitors: even if a system can be created that displays fast Li+ insertion kinetics, if those 

kinetics are not accompanied by good electrical conductivity, pseudocapacitive behavior will not 

result. Here, for pure nanosized-MoO2, only 40% of the current was capacitive because MoO2 is a 

reduced transition metal oxide that is susceptible to surface oxidation and MoO3 is quite insulating. 

MoO3 layers between grains inhibited electron transport through the network, despite the metallic 

conductivity of MoO2. When this oxidation problem was overcome by synthesizing MoO2-RGO 

hybrid materials, the kinetics were significantly better, especially at high sweep rates (Figure 2.8b). 

This behavior occurred even though both pure nanosized-MoO2 and MoO2-RGO hybrid samples 

exhibited similar surface oxidation. We attribute this behavior to having the MoO2 nanoparticles 

in direct contact with a conducting scaffold, which prevents oxidation at the one interface that is 

important for electronic conductivity. Using the hybrid approach, pseudocapacitance was 
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enhanced; the measured current was more than 80% capacitor-like in nature (Figure 2.7c) and 

charge storage reached 75% of the theoretical value of MoO2 in less than 30 seconds (Figure 2.7d). 

 A key question with an extrinsic pseudocapacitor material is whether such nanoscale 

materials can be appropriately scaled to achieve practical electrode architectures. The present work 

indicates that the hybrid approach is beneficial here. The morphology seems ideal in that MoO2 

nanoparticles are exposed to the electrolyte and yet are attached to the RGO conducting scaffold, 

which provides effective ‘wiring’ to the electrode. Fast kinetics are achieved with active material 

loadings of 1 mg cm-2 (Figure 2.8). A reversible capacity of nearly 150 mAh g-1 at 50C clearly 

demonstrates that hybrid materials can be scaled with little compromise in kinetics. These results 

underscore the promise of using extrinsic pseudocapacitance as a strategy for designing 

electrochemical energy storage devices. 

2.4 Conclusions 

 The present work uses MoO2 as a model system in which to characterize the development 

of an extrinsic pseudocapacitor material. Unlike microsized-MoO2, nanosized-MoO2 does not 

undergo a monoclinic-to-orthorhombic phase transformation during the lithium intercalation 

process. As a nanoscale material, MoO2 possesses electrochemical features representative of 

pseudocapacitive behavior including a sloping voltage profile rather than flat discharge curves and 

peak potentials that do not shift significantly with sweep rate. Moreover, nanosized-MoO2 exhibits 

significantly better charge storage kinetics than microsized-MoO2, a fact that likely arises because 

suppression of the monoclinic-to-orthorhombic phase transformation preserves ion diffusion 

tunnels in the monoclinic structure, which provide pathways for fast ion transport. XPS studies 

show that nanosized-MoO2 is susceptible to surface oxidation, which limits the high power 
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capability of the pure material. This limitation is overcome by synthesizing MoO2-RGO hybrid 

materials in which monoclinic MoO2 nanoparticles (15 to 20 nm) are attached to the conducting 

RGO scaffold. Only a relatively small fraction of RGO (12 wt%) improves the high rate charge 

storage properties, leading to lithium capacities of nearly 150 mAh g-1 at 50C. The hybrid approach 

demonstrates that the extrinsic pseudocapacitor properties of MoO2 can be extended to practical 

electrode architectures, thus facilitating the design of electrodes containing pseudocapacitive 

materials.   

2.5 Experimental 

2.5.1 Synthesis 

 All starting materials were obtained from commercial suppliers and used without further 

purification. Nanosized-MoO2 and MoO2-RGO hybrids were synthesized by hydrothermal 

synthesis. The nanosized-MoO2 was prepared in a 45 ml Teflon liner by dissolving 270 mg 

anhydrous MoCl5 (Strem Chemicals) in a mixture of 5 ml ethanol and 15 ml deionized water. The 

hydrothermal reaction occurred at 180°C for 6 hrs. The MoO2-GO hybrid was prepared similarly 

to nanosized-MoO2 except that graphene oxide (GO) was added to the MoCl5 solution prior to heat 

treatment. The GO was synthesized by the modified Hummer’s method25, 26. Microsized-MoO2 

was prepared by high energy ball milling (24 hrs, 300 rpm) commercial MoO2 powder (Sigma 

Aldrich).  

2.5.2 Materials Characterization 

Powder X-ray Diffraction (XRD) was performed in a Rigaku Miniflex-II diffractometer 

operating with Cu-Kα (λ=1.54 Å)  radiation using (30 kV, 15 mA, 0.05° step size). The XRD 

patterns were collected in the range of 10° < 2𝜃� < 80°. Transmission electron microscopy (TEM) 
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was performed using a FEI Technai T12 operating at 120 kV. Raman spectroscopy was carried out 

using a Renishaw InVia micro-Raman spectrometer (514 nm laser source) equipped with a 1800 

lines mm-1 grating. Thermogravimetric analysis (TGA) was performed using the SDT Q600 from 

TA Instruments. The samples were heated to 650 °C at a rate of 10 °C min-1 in air (flow rate: 

100ml/min). X-ray Photoelectron Spectroscopy (XPS) was performed using a Kratos Axis Ultra 

DLD with a monochromatic Al (Kα) radiation source. The charge neutralizer filament was used to 

control charging of the sample, 20 eV pass energy was used with a 0.05 eV step size, and scans 

were calibrated using the C 1s peak shifted to 284.8 eV. The samples were etched with an Ar beam 

(raster size 5 mm x 5 mm) for 30 seconds.  

2.5.3 Ex-situ XRD 

Ex-situ XRD measurements were performed on nanosized-MoO2 and microsized-MoO2 

slurry electrodes (termed ‘thick electrodes’, vide infra) after electrochemical cycling. The 

electrode slurries were prepared by mixing MoO2 active materials with carbon black (Alfa Aesar) 

and polyvinylidene fluoride (PVdF, Kynar) in N-methyl-2-pyrrolidinone (NMP, Sigma Aldrich) in 

a 80:10:10 weight ratio. These slurries were coated on stainless steel foils by doctor blading and 

subsequently dried in vacuum at 110 °C for 24 hrs giving mass loadings of ~ 1 mg cm-2. These 

working electrodes were cycled in 1M LiClO4 in propylene carbonate (PC) with lithium metal 

foils used as reference and counter electrode. The MoO2 electrodes were cycled galvanostatically 

at C/10-rate (C-rate based on a theoretical capacity of 210 mAh g-1) to the desired potential 

followed by a potentiostatic hold to reach equilibrium. The cycled working electrodes were washed 

thoroughly with dimethyl carbonate (DMC, Sigma-Aldrich) before sealing the samples in a 64 µm 

polyimide pouch to prevent exposure to the environment.  X-ray diffraction was performed in a 

Bruker Discover D8 in reflection geometry operating with Cu Kα (λ = 1.5418 Å) using a 0.035° 
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step size, a voltage of 40kV, and a current of 40 mA. XRD patterns were recorded in the range of 

24° < 2𝜃� < 43°.    

2.5.4 Electrochemical analysis 

Both thin film and thick film electrodes were prepared. The former contained no carbon or 

binder as this enabled us to determine the electrochemical properties of the MoO2 material or the 

RGO-MoO2 directly. With these electrodes, each MoO2 sample (~ 30 μg) was drop cast on an 

oxygen plasma treated stainless steel foil (1 cm2) and dried under vacuum at 120 °C for 1 hour. 

The mass of these samples was measured using a microbalance (Cahn C-31, 0.1 μg). 

Electrochemical measurements of the thin film electrodes were carried out in a three-electrode cell 

using lithium foil as a counter and reference electrode in 1M LiClO4 in propylene carbonate (PC). 

Cyclic voltammetry was used to investigate the capacity and kinetics of MoO2 between 1.1 and 

3.0 V (vs. Li/Li+) using a PAR EG&G 273A Potentiostat. All tests were performed in an Ar-filled 

glovebox.  

Thick electrodes were prepared as described above. Electrochemical testing of the thick 

film electrodes was performed using a Swagelok cell. The cells were assembled using these thick 

film electrodes as the working electrode, lithium metal as a reference and counter electrode, a glass 

fiber separator (Advantec), and 1M LiClO4 in PC was used as the electrolyte. Assembly of the 

Swagelok cells was done in an Ar-filled glovebox. 
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CHAPTER 3 

Oxygen Vacancies Enhance Pseudocapacitive Charge Storage Properties of MoO3-x 

3.1 Introduction 

 Electrochemical energy storage (EES) continues to be an exceedingly active field for 

research and development because of application areas ranging from portable electronics to 

electrification of transportation to coupling with renewable energy sources for powering the 

electrical grid1. Both batteries and electrochemical capacitors involve electrochemical 

mechanisms, albeit different ones, which determine their respective energy storage and power 

characteristics2.  Electrical double layer capacitors (EDLCs), also known as supercapacitors, 

offer higher power, shorter charging times and longer cycle life than lithium-ion batteries. The 

low energy density of carbon-based EDLCs, however, limits this technology. To improve upon 

energy density, researchers have begun to investigate another mechanism for capacitive energy 

storage known as pseudocapacitance, where charge storage occurs via Faradaic charge transfer at 

or near the surface of the material3. The alluring feature of pseudocapacitance is the prospect of 

increasing energy density without compromising the high power or cycle life of carbon-based 

EDLCs.  A number of transition metal oxides, both in aqueous and non-aqueous electrolytes, 

have been shown to exhibit pseudocapacitance or at least to exhibit electrochemical signatures 

that are representative of pseudocapacitance4-8.  

The present paper elucidates and discusses the electrochemical properties of oxygen-

deficient MoO3, which retains the layered orthorhombic structure of the parent material, α-MoO3 

(Fig. 1a-c). The electrochemical properties of α-MoO3 have been investigated by several 

research groups because it is an attractive electrode material for lithium intercalation due to its 

high theoretical capacity (1005 Cg-1)9-14. However, low electrical conductivity and modest 
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reaction kinetics prevent the widespread use of α-MoO3. Moreover, during the first lithiation 

cycle,  α-MoO3 undergoes an irreversible phase transition around 2.8 V (vs Li/Li+) leading to 

limited cycling lifetimes10,15. Although the preparation of various nanostructured morphologies is 

known to increase the lithium-ion capacity, this capacity decreases with cycling, likely due to the 

phase transitions mentioned above that continue to plague this material12,16-20.   

In order to overcome these problems, several approaches have been explored21,22
. Pre-

lithiation of α-MoO3 increases the van der Waals (vdW) gap, thereby leading to better 

electrochemical cycling, although this behavior comes at the expense of specific capacity because 

of the reduced oxidation state21. Ammonolyzed α-MoO3 shows higher electrical conductivity than 

α-MoO3, but the capacity decreased significantly at increased charging rates22. These studies 

suggest that while widening the vdW gap and increasing the intrinsic electrical conductivity of α-

MoO3 may provide partial solutions to the limitations of this material, accomplishing this by 

adding cations to the system comes at the cost of both energy density and power density.  

 Although Li-intercalation in α-MoO3 has been the subject of several studies, only a few 

have focused on its pseudocapacitive properties. An interesting feature reported with aqueous 

electrolyte is that multiple valence states are observed namely, Mo6+, Mo5+ and Mo4+, which occur 

as a function of potential23. With non-aqueous Li-ion electrolytes, Mendoz-Sanchez and Grant 

established that a significant level of pseudocapacitive charge storage was obtained for composite 

electrodes consisting of α-MoO3 nanobelts and carbon nanotubes, however, the material exhibited 

poor cycling behavior due to the irreversible structural changes occurring during the first cycle14. 

Pseudocapacitive contributions to charge storage were also reported for mesoporous crystalline α-

MoO3 films24. The corresponding mesoporous amorphous MoO3 films exhibited significantly 
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lower levels of capacitive charge storage, suggesting that near surface intercalation was 

contributing to pseudocapacitance in the crystalline, but not the amorphous materials.  

 Another viable route for overcoming the low electrical conductivity of α-MoO3 is through 

the introduction of oxygen vacancies25,26. This approach has been shown to improve the electrical 

conductivity of some transition metal oxides because oxygen vacancies can act as shallow donors 

and thereby increase the carrier concentration27,28. There have been only a few studies which 

explore the effect of oxygen non-stoichiometry and enhanced electrical conduction on energy 

storage properties29,30. These limited results suggest that the presence of oxygen vacancies 

produces greater electrical conductivity and, in the case of α-MoO3, an expanded interlayer 

distance27. Both of these features are likely to lead to improved electrochemical performance. In 

the present paper, we have carried out a comprehensive study that examines the effects of oxygen 

vacancies on the structure, chemistry, and charge storage properties of α-MoO3. The introduction 

of vacancies leads to faster kinetics and preserves the α-MoO3 structure, which enables extended 

cycling with lithium to occur with minimal decrease in charge storage. Density-functional theory 

(DFT) calculations provide insight regarding vacancy sites, electronic properties and lithium 

intercalation voltages for R-MoO3-x. 

3.2 Results and Discussion 

3.2.1 Material synthesis, characterization and DFT calculations 

R-MoO3-x was prepared by microwave activated hydrothermal synthesis31-33. The XRD pattern 

for the as-synthesized material (red) is shown in Figure 3.1 d. The major reflections can be indexed 

with a Pbnm space group corresponding to α-MoO3, in good agreement with JCPDS NO. 35-0609. 

Since α-MoO3 is white powder, it is surprising that the color of as-synthesized material was deep 
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blue. This indicates that as-synthesized MoO3 was reduced during the synthesis treatment. The 

shape and size of R-MoO3-x were characterized by TEM (Figure 3.1 e) and scanning electron 

microscopy (SEM) (Figure 3.1 f). The materials are in the form of nanobelts which are 100 to 500 

nm in width and 3 ~ 5 μm in length. The thickness of individual R-MoO3-x nanobelts was 

determined by atomic force microscopy (AFM) to be about 10 nm (Figure 3.2).  

The oxygen vacancy concentration of R-MoO3-x was characterized using thermogravimetric 

analysis (TGA). TGA of R-MoO3-x (Figure 3.3) indicates that the reduced material reacts with 

oxygen upon heating, leading to a lower mass loss compared to the TGA in argon. From the 

calculations, we estimate that the composition of the R-MoO3-x corresponds to MoO2.87. To 

complement these calculations, X-ray photoelectron spectroscopy (XPS) was used to characterize 

the oxidation state of molybdenum (Figure 3.4 a,b). The R-MoO3-x has a significant amount of 

Mo5+, much of which is still observed even after appreciable argon plasma etching to remove the 

outer surface layer. The calculated stoichiometries based on molybdenum and oxygen XPS peak 

areas are MoO2.91 and MoO2.83 for surface and bulk (i.e., after etching), respectively. These values 

are comparable to those determined from TGA. These results establish that the oxygen vacancies 

are not limited to the surface, and that they extend throughout the bulk of the material.  

We used DFT calculations to provide greater insight into the oxygen vacancy sites and polaron 

configurations that are present in R-MoO3-x. The formation enthalpies for an oxygen vacancy in 

various oxygen sites and for different polaron configurations are listed in Table 3.1. We find that 

the oxygen vacancy configuration with the lowest formation enthalpy (1.32 eV) corresponds to an 

oxygen vacancy at the Ot site and two Mo5+ ions (bipolaron) near the defect center (see Fig. 2c). 

In this configuration, one polaron occupies the dyz orbital of the Mo5+ ion at the defect site, while 

the other one fills in the dxz orbital of the Mo5+ ion next to the defect center in the a direction. A 
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vacancy structure at the Ot site where two polarons occupy the dxy and dyz orbitals of the five-fold 

coordinated Mo4+ ion at the defect is 0.19 eV higher in energy. The formation of oxygen vacancies 

at the Oa and Os sites is significantly less favorable than at the Ot site. This is in agreement with 

our measured XPS spectra where no Mo4+ oxidation states are seen (see Fig. 3.4 a,b).  
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Figure 3.1. Structural analysis of as-prepared α-MoO3. a, Crystal structure of α-MoO3. The 

structural framework consists of a bilayer network of edge-sharing MoO6 octahedra (shown in 

grey). The bilayers are stacked along the b direction and bonded to adjacent layers by van der 

Waals forces. There are three types of oxygen anions. The "terminal oxygen” (Ot), results in a 

Mo-Ot bond which points perpendicular to the van der Waals gap (shown in green in Fig. 1a). 

The second type, labeled as Oa, forms asymmetric bonds with two Mo ions in the a direction, 

while the third type, referred to as "symmetric oxygen” (Os), has three-fold symmetry which 

leads to the formation of two short bonds with two Mo ions in the [001] direction and one 

longer bond with a Mo ions in the [010] direction. b,c, Possible lithium intercalation sites at 

intralayer (b) and at interlayer (c) of the α-MoO3. The ‘interlayer site’ is located between two 

octahedral bilayers while the ‘intralayer site’ is in the one-dimensional tunnel ([001] direction) 

within the bilayer sheets. d, XRD patterns for R-MoO3-x (red) , partly reduced MoO3 (blue) , 

and F-MoO3 (black). The strong diffraction intensity for the (020), (040), and (060) peaks 

indicates that the as-synthesized α-MoO3 powders preferentially orient along the [0k0] 

direction. e, TEM image of R-MoO3-x. f, SEM image of R-MoO3-x. g, Selected XRD pattern 

insets of  the (020), (040), and (060) diffraction peaks that compare R-MoO3-x (red), partly 

reduced MoO3 (blue), and F-MoO3 (black). Peak position shifts to lower angle indicate 

expansion of the vdW gap in oxygen vacant α-MoO3. 
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Figure 3.2. AFM analysis of reduced MoO3-x. The images (top) and height profile (bottom) 

show that the thickness of an individual nanobelts is about 15 nm. 

 

 

Figure 3.3. TGA analysis of reduced MoO3-x in air and argon atmosphere. (Flow of 100 ml/min 

and a ramping rate of 10 °C/min). The concentration of oxygen vacancies were calculated from 

the difference in weight decrease between the two TGA traces. 
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Figure 3.5. TEM images of (a) reduced MoO3-x, (b) partly reduced MoO3, and (c) fully 

oxidized MoO3. (Inset of (a) shows the blue color of as-prepared reduced MoO3-x). 
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Figure 3.4. Investigation of existence and concentration of oxygen vacancies in α-MoO3. a,b, 

High resolution XPS spectra of as-synthesized R-MoO3-x in the Mo 3d region. (Before (a) and 

after (b) argon plasma etching). c, The most stable oxygen vacancies configuration and polaron 

formation in R-MoO3-x calculated from DFT. The Mo5+ ions are highlighted with blue.  
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Vacancy site Polaron Occupied orbitals Formation enthalpies (eV) 

Ot 
Mo4+ dxy, dyz 1.51 

Mo5+, Mo5+ dyz, dxz 1.32 

Oa 
Mo4+ dxy, dxz 2.49 

Mo5+, Mo5+  * 

Os 
Mo4+  * 

Mo5+, Mo5+ dxy, dxz, dyz 3.41 

Table 3.1. Formation enthalpies of an oxygen vacancy and polaron states for bulk MoO3. The 

asterisk superscript denotes that these structures always relax towards other configurations in 

the table. A vacancy at the Oa site and a Mo4+ ion at the defect center are predicted to have a 

formation enthalpy of 2.5 eV, while the introduction of vacancy at an Os site requires 3.4 eV. 

The relative ordering of the Ot/Oa/Os vacancy energies can be explained by the number of 

broken Mo-O bonds upon removal of an O ion (one/two/three). These results indicate that the 

preferred site for oxygen vacancies is the Ot site and the favored polaron configuration is on 

two Mo5+ ions near the vacancy. Furthermore, since the energy difference between two Mo5+ 

polarons and one Mo4+ polaron at an Ot vacancy site is 0.19 eV, we expect only a small 

proportion of Mo4+ under ambient equilibrium conditions.  

 

 
Reduced 
MoO3-x 

Partly reduced 
MoO3 

Fully oxidized 
MoO3 

BET surface 
area 

(m2g-1) 

24 25 15 

Table 3.2. Surface area measurement of reduced MoO3-x, partly reduced and fully oxidized 

MoO3. 
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3.2.2 Electrochemical behavior 

 In order to understand the influence of oxygen vacancies on electrochemical behavior, the 

R-MoO3-x was subjected to different heat treatments to partially or fully oxidize the MoO3. After 

heat treatment, the phase of each material was confirmed by XRD to have the α-MoO3 structure 

(Figure 3.1 d). No significant change in nanobelt morphology was evident from TEM (Figure 3.5) 

and the small differences in surface areas (Table 3.2) are not likely to affect the electrochemistry 

of α-MoO3.  

 

 
Figure 3.6. Electrochemical analysis of thin film MoO3 electrodes. a,b, Cyclic voltammetry of 

R-MoO3-x (red), partly reduced MoO3 (blue), and F-MoO3 (black) (Current response at 10 mVs-

1 (a), and specific capacity depending on the sweep rate range between 1 and 100 mVs-1 (b)). 

c, Cycling behavior of R-MoO3-x (red) and F-MoO3 (black). d, The log (i) vs. log (v) plot of 

the cathodic current response at ~ 2.4 V (vs. Li/Li+). The slope of this line gives the b-values, 

which shows that this value is close to 1 in R-MoO3-x and 0.7 in F-MoO3 for sweep rates ranging 

from 0.1 to 20 mVs-1
. e,f, k1, k2 analysis of R-MoO3-x (e) and F-MoO3 (f) at 1 mVs-1. 

(Capacitive charge storage contribution is 75 % in R-MoO3-x and 37 % in F-MoO3.) 
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There are two distinguishable lithium intercalation sites in α-MoO3 (Figure 3.1 b,c). Charge 

storage occurs mainly by the insertion of lithium ions into the interlayer site to form lithiated MoO3 

(LixMoO3, xmax = 1.5)9. 

                                  MoO3+xLi
+
+ xe-→ LixMoO3.                                                    (1)           

Sweep voltammetry measurements were used to characterize the electrochemical properties. The 

electrodes used in these experiments contained no carbon or binder so that the electrochemical 

properties of the different oxides were determined directly. The results show that R-MoO3-x has 

higher capacity and faster kinetics compared to the other α-MoO3  (Figure 3.6 a,b)  At a sweep rate 

of  1 00 mVs-1 (charging time of 20 seconds), R-MoO3-x stores ~ 550 Cg-1, while the capacity for 

the other materials is < 400 Cg-1. This fast response underscores the capacitive nature of charge 

storage in R-MoO3-x. In addition, the cycling behavior of R-MoO3-x is more stable than that of F-

MoO3 (Figure 3.6 c). After 50 cycles, the capacity decreased by only 5%, in contrast to the 50% 

decay exhibited by the F-MoO3. This behavior suggests that by introducing oxygen vacancies, it 

is possible to improve the cycling stability of α-MoO3, a feature that has been a significant 

limitation in the application of this material in electrochemical devices.  

Sweep voltammetry also provides greater insight into the difference in charge storage 

kinetics. In Figure 3.6 d, the log (i) vs. log () plot for the cathodic peak at ~ 2.4 V (vs. Li/Li+) 

shows that the current dependence on the sweep rate, , is given by the relation34: 

                                                     𝑖 = �𝑎�𝑣𝑏�                                                               (2)                                                      

A b-value of 0.5 indicates that the current is controlled by semi-infinite diffusion while b = 1 

indicates capacitive behavior35. For R-MoO3-x, the b-value is ‘1’ indicating the capacitor-like 

nature of the kinetics, which is one of the characteristic features of pseudocapacitance36. In 
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contrast, F-MoO3 exhibits values of 

approximately ‘0.7’ meaning that the charge 

storage is affected by diffusion processes. 

The anodic peaks for both materials show 

the same general behavior (Figure 3.7).   

The increased level of 

pseudocapacitive charge storage for R-

MoO3-x is also shown using an analysis 

where the current response, i(V), is a 

combination of capacitor-like and diffusion-

controlled behaviors37:    

�����������������������������������������������������������������𝑖(𝑉) = �𝑘1�𝑣 +�𝑘2�𝑣
1/2����������������������������������������������������������(3)����������������������������������������������������������������� 

By determining both k1 and k2, it is possible to calculate, as a function of potential, the fraction 

of current contributed by diffusion-controlled intercalation processes and those arising from 

capacitor-like processes. The data shown in Figure 3.6 e,f indicate that capacitor-like charge 

storage in R-MoO3-x occurs to a much greater extent compared to F-MoO3 (75% vs. 37%). In 

summary, the sweep voltammetry measurements show that R-MoO3-x exhibits higher capacity and 

faster kinetics than F-MoO3. 

The voltammetric sweeps for the R-MoO3-x also display two interesting differences 

compared to those of the F-MoO3. The F-MoO3 exhibits irreversible peaks on lithiation during its 

first cycle as shown in Figure 3.8 a. This irreversibility is attributed to the trapping of Li+ in the 

intralayers of α-MoO3, thus inducing a phase change, which results in poor electrochemical 

 
Figure 3.7. Kinetic analysis of reduced MoO3-x 

and fully oxidized MoO3 using the power law 

relationship. The b-values of reduced MoO3-x 

(red) and fully oxidized MoO3 (black) are 

calculated from the slope of the log (i) vs. log (ν) 

plot using the anodic current response at ~ 2.5 V 

(vs. Li/Li+). 
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reversibility10,15,20. However, the R-MoO3-x 

does not display these irreversible peaks, so that 

the first, second, and third cycles are almost 

identical (Figure 3.8 b). The galvanostatic 

discharge curves are also consistent with this 

behavior (see insets in Figure 3.8 a,b). The F-

MoO3 exhibits a plateau during its first cycle, 

which disappears during the second cycle; R-

MoO3-x displays no such plateau, indicating that 

no structural change is occurring on cycling. 

Thus, R-MoO3-x retains its capacity on cycling 

while the capacity decreases continuously for 

F-MoO3 because of the structural 

rearrangement from the trapping of Li+ (Figure 

3.6 c). 

A second feature in the cyclic 

voltammetry (CV) which is influenced by the 

presence of oxygen vacancies is the addition of 

a distinctive peak at ~3.0 V during de-

intercalation (Figure 3.6 a,e). This peak does 

not occur in the F-MoO3. In order to explain the existence of this additional peak, the intercalation 

energies for the interlayer and intralayer sites were calculated by DFT for both R-MoO3-x and F-

MoO3. In F-MoO3, the values for the interlayer and intralayer sites (see Figure 3.1 b,c) were 3.25 

 

Figure 3.8. The intercalation energies of all 

symmetry-distinct lithium insertion sites 

were calculated using repeated random 

initialization of the polaron states. (a) 

Calculated lithium intercalation voltages at 

interlayer sites (cross) and intralyer sites 

(triangle) of reduced MoO3-x. The polarons 

introduced by an oxygen vacancy are shown 

in blue. A, B, C, D sites indicate the positions 

of an additional polaron introduced by 

lithium intercalation. For example, the A site 

means that the additional polaron is located 

at the A plane as shown in (b).  

 

(a) 

(b) 
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and 3.21 eV, respectively. That is, the energy difference between the two types of sites is negligible. 

The similarity in intercalation energies for these sites leads to one main peak in the CV for F-

MoO3. The introduction of oxygen vacancies and polarons in R-MoO3-x, however, breaks the 

symmetry of the crystal. Hence, the sites for lithium insertion no longer have the same energy. The 

voltages calculated for the R-MoO3-x are in the range 2.96 to 3.36 V as shown in Figure 3.8. The 

intercalated structures with higher voltages (>3.30 V) are more likely to be observed in 

experiments, because these structures are thermodynamically more stable. Except for the dyz 

polaron at the oxygen defect center, all the polarons stabilize in the dxz orbitals of the Mo5+ ions. 

The distance between the lithium intercalation site and the oxygen vacancy center together with 

the different polaron configurations contribute to the spread of the intercalation voltages. 

3.2.3 Structure and chemical effects 

 The creation of oxygen vacancies in α-MoO3 leads to a material which exhibits higher 

capacity, faster kinetics and better electrochemical stability compared to the fully oxidized 

material. In this section, we discuss the structural and chemical features, which influence and 

determine these properties. 

One significant structural effect associated with the development of oxygen vacancies is 

an increase in the vdW gap, a feature that should certainly lead to improved electrochemical 

kinetics. The XRD patterns in Figure 3.1 g show that the (020), (040), and (060) reflections, which 

correspond to the b-lattice plane interlayers, are shifted to lower angles in R-MoO3-x. The b-lattice 

cell parameter, calculated from the (020) reflections, expands from 13.886 Å for F-MoO3 to 14.062 

Å in R-MoO3-x (Table 3.3). The development of a wider vdW gap arising from oxygen vacancies 

was previously reported27 and apparently occurs here as well. DFT calculations (Table 3.4) also 
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indicate that the vdW gap will expand in R-MoO3-x due to an oxygen vacancy at the Ot site with 

two accompanying Mo5+ ions.  

A second structural consideration is the difference in the cycling induced phase behavior 

between R-MoO3-x and F-MoO3. The irreversible electrochemical changes shown in Figure 3.9 a 

for F-MoO3 were also observed using ex-situ XRD (Figure 3.9 c). Upon lithiation, the XRD pattern 

becomes mostly featureless, with a few broad peaks that are shifted from the peak position of the 

parent material. While the poor crystallographic order differs from previous reports on bulk α-

MoO3, the positions of the broad peaks are in agreement with previous reports for the new 

phase10,15,38. After de-lithiation (3.5V), two sharper peaks are observed in the same location, again 

consistent with the presence of a distinctly new phase. These peaks can be indexed to the (030) 

and (0100) reflections of the transformed phase, and cannot be indexed as the (020) and (060) 

 

Sample (020) d (Å) (040) d (Å) (060) d (Å) 

Reduced MoO3-x 

Partly reduced MoO3 

Fully Oxidized MoO3 

7.031 

6.954 

6.943 

3.505 

3.465 

3.462 

2.335 

2.308 

2.307 

Table 3.3. Powder XRD derived d-spacing values for the (020), (040), and (060) 
reflections. A silicon internal standard was used to calibrate the position of the peaks.  

 

Sample a(Å) b(Å) c(Å) 

Fully oxidized 

MoO3 

Reduced MoO2.972 

11.686 

11.650 

13.904 

13.930 

11.357 

11.393 

Table 3.4. Lattice parameters of reduced MoO3-x and fully oxidized MoO3 calculated by DFT 

when one oxygen vacancy is introduced.  
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reflections of the parent structure. Therefore, we conclude that lithium insertion drives an 

irreversible electrochemically induced phase transition in the F-MoO3.  

 
Figure 3.9. Structural characterization of F-MoO3 and R-MoO3-x associated with 

electrochemical cycling. a,b, Cyclic voltammetry of the first three cycles of at 10 mVs-1 and 

galvanostatic discharge curves (insets, at 50 mAg-1) in F-MoO3 (a) , and R-MoO3-x (b). Ex-situ 

XRD at the lithiated (at 1.5 V) and delithiated (at 3.5V) states in F-MoO3 (c) and R-MoO3-x (d). 

The data shows that the F-MoO3 undergoes a phase transformation driven by lithium insertion, 

but the phase transformation is suppressed in the R-MoO3. (The pristine powder XRD patterns 

show the (110) and (021) reflections while the cycled samples do not. This is simply an effect 

of orientation due to the high aspect ratio of the material.) 
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In contrast, R-MoO3-x does not undergo a phase transformation upon lithiation to 1.5V 

(Figure 3.9 d). The (0k0) diffraction peaks for R-MoO3-x are slightly shifted to higher 2 (smaller 

d-spacing) in the lithiated material, which might be due to coulombic interactions in the 

intercalated state. In both the pristine material and the lithiated phase, XRD peaks can be indexed 

to the (020) reflection and the higher order overtones, (040) and (060), indicating that the material 

has not undergone a phase transition. This behavior is in sharp contrast to the phase transition 

observed in F-MoO3. After full de-lithiation, the diffraction can still be indexed to the (020), (040), 

and (060) diffraction peaks of the parent structure, though with a slightly expanded lattice constant. 

This structural data thus gives clear evidence that the electrochemically induced phase transition 

is suppressed in R-MoO3-x. This conclusion is corroborated by the fact that we do not see an 

irreversible peak at 2.7 V in the CV of R-MoO3-x. The expanded lattice galleries in R-MoO3-x are 

apparently large enough that a phase transition is no longer energetically needed to accommodate 

lithium into the structure. We have previously shown that minimizing structural change upon Li+ 

intercalation, and suppression of phase transitions are hallmarks of pseudocapacitance39-41. As a 

result, the differences in phase stability between the R-MoO3-x and the F-MoO3 explain why R-

MoO3-x exhibits more stable cycling performance and faster kinetics compared to F-MoO3.  

One interesting question concerning the electrochemical properties of R-MoO3-x is that its 

capacity is higher than F-MoO3, despite the fact that the R-MoO3-x has a lower average oxidation 

state. As discussed above, the improved rate capability and electrochemical stability of the R-

MoO3-x can be well explained by structural modifications that result from the formation of oxygen 

vacancies. It is not at all clear, however, how these oxygen vacancies could also lead to the higher 

capacity observed in the reduced material (Figure 3.6 b). To examine this issue, ex-situ XPS 

(Figure 3.10) was performed on both F-MoO3 and R-MoO3-x at the same potentials, i.e. after full 
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lithiation at 1.5 V and after delithiation at 3.5 V (both vs. Li/Li+). The most interesting feature in 

the XPS spectra is the presence of Mo4+ upon lithiation for both R-MoO3-x and F-MoO3. For the 

R-MoO3-x, the fraction of Mo4+ is ~ 40% (Figure 3.10 c). Despite this significant amount of Mo4+, 

the α-MoO3 structure was retained and XRD showed no evidence of MoO2 (Figure 3.9 d).  By 

comparison, the F-MoO3 contains only ~ 20% Mo4+ (Figure 3.10 d).  Another interesting 

characteristic is the ratio of Mo4+/ Mo6+ in each of the materials.  For the R-MoO3-x, this ratio is ~ 

2 whereas for the F-MoO3, the ratio is ~ 0.8.  These results thus indicate that the difference in 

capacity between R-MoO3-x and F-MoO3 arises from increased conversion of Mo6+ to Mo4+, rather 

than Mo5+, upon lithiation. If the Mo5+ based polarons in R-MoO3-x lead to increased stability of 

Mo4+ sites, then this provides a viable mechanism for achieving higher capacity in the reduced 

material. 

 
Figure 3.10. Effects of oxygen vacancies on the presence of Mo4+ and Mo5+oxidation states 

during electrochemical cycling. a,b, Cyclic voltammetry of R-MoO3-x (a) and F-MoO3 (b) at 5 

mVs-1. c-f, High resolution XPS spectra of Mo 3d region in R-MoO3-x at lithiated (c) and 

delithiated state (e), and in F-MoO3 at lithiated state (d) and delithiated state (f). 
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The ex-situ XPS spectra also provide insight concerning the electrochemical reversibility 

of the two materials. When de-lithiated at 3.5V, the R-MoO3-x contains only Mo6+ and Mo5+, 

whereas the F-MoO3 possesses both of these ions along with a small amount of residual Mo4+ 

(Figure 3.10 e,f). The latter indicates that some Li+ remains trapped in the MoO3 structure, 

probably due to the structural phase transition discussed above (Figure 3.9 c). 

3.3    Conclusions 

In this work we have demonstrated that the introduction of oxygen vacancies into the α-

MoO3 lattice leads to improved electrochemical properties. The incorporation of oxygen vacancies 

leads to a larger interlayer spacing along the b-axis that promotes faster kinetics and enables the 

α-MoO3 structure to be retained during the insertion and removal of Li-ions. The absence of phase 

transition upon lithiation results in significantly improved cycle life for R-MoO3-x, in agreement 

with previous results on pseudocapacitive materials.  The high specific capacity in R-MoO3-x can 

be explained by increased Mo4+ formation upon lithiation, a process that occurs reversibly and 

without the development of the monoclinic MoO2 in R-MoO3-x. This work thus demonstrates that 

the energy storage properties of α-MoO3 are improved substantially by the introduction of oxygen 

vacancies. We believe that the incorporation of oxygen vacancies into other transition metal oxides 

could lead to a wide range of materials whose properties are extremely attractive for 

pseudocapacitive charge storage. 

3.4 Experimental Section 

3.4.1 Synthesis of R-MoO3-x 

R-MoO3-x was synthesized by a one step microwave hydrothermal synthesis. Anhydrous MoCl5 

(270 mg, Strem Chemicals) was dissolved in ethanol (5ml) and deionized (DI) water (15 ml)  and 
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nitric acid (0.25 ml, Sigma-Aldrich) was added in this solution with stirring. The prepared solution 

was transferred into the 25 ml microwave reaction vessel and placed in a microwave synthesis 

system (Discover SP, CEM Corporation). The sample was heated with 200 W to 180 °C for 15 

min. During the synthesis, the pressure was maintained at around 180 psi. The resulting deep blue 

colored solution was centrifuged (5000 rpm for 5 min) and washed 3 times with DI water and 

ethanol and dried in vacuum for 24 hr. The partly reduced and fully oxidized samples were 

prepared by annealed the as prepared samples at 150 °C for 2 hr and at 400 °C for 1 hr, respectively. 

3.4.2 TGA and XPS for the oxygen vacancy concentration 

The oxidation state of as synthesized R-MoO3-x was confirmed by TGA and XPS. TGA was 

performed in either air or argon atmosphere using a TA SDT Q600 analyzer at a heating rate of 

10 °C/min. XPS analysis was performed using a Kratos Axis Ultra DLD with a monochromatic Al 

(Kα) radiation source. The charge neutralizer filament was used to control charging of the sample, 

20 eV pass energy was used with a 0.05 eV step size, and scans were calibrated using the C 1s 

peak shifted to 284.8 eV. The samples were etched with an argon beam (raster size 5 mm x 5 mm) 

for 30 seconds. The integrated area of the peaks was found using the Casa-XPS software, and 

atomic ratios were also found using this software. The atomic sensitivity factors used were from 

the Kratos library within the Casa software.  

3.4.3 Structural characterization  

The phase of each MoO3 sample was identified by XRD (Rigaku Miniflex II) using Cu–Kα 

(λ=1.54 Å) radiation. The Brunauer-Emmett-Teller (BET) surface area was calculated from the 

nitrogen adsorption isotherms, which were collected on a Micromeritics ASAP 2010 gas 

adsorption analyzer. The particle size and shape of MoO3 samples were characterized by TEM 
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(T12, FEI) and SEM (Nova NanoSEM 230, FEI). AFM imaging was performed on a Bruker 

Dimension Icon system under tapping mode. 

3.4.4 Powder XRD for lattice parameter determination  

Powder XRD was performed to compare the (020), (040), and (060) peaks position in each MoO3 

in a PANalytical X’Pert Pro operating with Cu Kα (λ = 1.54 Å) using a 0.008° step size,  a voltage 

of 45kV, and a current of 40mA. Samples were prepared from a mixture of MoO3 and 9.1% (w/w) 

silicon. After the composite was mixed in an agate mortor, a thin layer was packed onto a quartz 

slide for measurement. The silicon (111) reflection at 28.44° and the (220) reflection at 47.29° 

were used as reference peaks. 

3.4.5 Electrochemical characterization 

Electrochemical measurements were made using in a three-electrode cell in which MoO3 thin film 

electrodes served as working electrodes. In order to prepare these electrodes, each MoO3 sample 

(= 40 μg) was suspended in ethanol and drop cast on O2 plasma treated stainless steel current 

collector (1 cm2 area). The weight of active material was measured by a microbalance (Cahn C-

31, 0.1 μg resolution). One molar LiClO4 in propylene carbonate was used as electrolyte and 

lithium metal foils were used as reference and counter electrodes. Cyclic voltammetry was 

performed between 1.5 and 3.5 V vs. Li+/Li using a PAR EG&G 273A Potentiostat. All 

electrochemical measurements were performed in an argon filled glovebox.  

3.4.6 Ex-situ XPS  

For the ex-situ XPS (Kratos Axis Ultra DLD) experiment, R-MoO3-x and F-MoO3 working 

electrodes were lithiated and de-lithiated by using cyclic voltammetry. After 5 cycles at 10 mVs-1, 
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the sample was cycled at 5 mVs-1 to the specific potential. The cycled working electrodes were 

removed from the cell, washed with dimethyl carbonate (DMC) and dried overnight in the argon 

filled glove box. These electrodes were loaded on the XPS sample holder in the glove box and 

sealed in the XPS transfer chamber.  

3.4.7 Ex-situ XRD  

Ex-situ XRD was performed in a Bruker Discover D8 operating with Cu Kα (λ = 1.54 Å) using a 

0.035° step size, a voltage of 40kV, and a current of 40mA. The samples were prepared by 

galvanostatically discharging and charging R-MoO3-x and F-MoO3 at a C/5 rate. Those cycled 

electrodes were washed in dimethyl carbonate (DMC) and dried for 24 hours, and then sealed in 

64 µm polyimide tape to prevent exposure to the environment. All preparation of the ex-situ 

samples were performed in an argon filled glove box with O2 below 1ppm. Peak positions were 

calibrated using the stainless steel current collector. 

3.4.8 Electronic conductivity measurement  

For the bulk electrical conductivity measurement, each MoO3 sample was deposited on ITO coated 

glass, which had been partially etched (10 m-thick). Contacts were placed on the top and under 

the bottom of the samples and the latter (bottom contact) was made on the ITO connected to the 

bottom of the film. We measured electrical resistivity using a Solartron 1287 potentiostat. 

3.4.9 DFT calculations  

DFT calculations were used to study crystal structures, electronic properties and lithium 

intercalation voltages of R-MoO3-x. We used the Perdew-Burke-Ernzerhof (PBE)42 exchange 

correlation functional and the projector augmented wave (PAW) method43 as implemented in the 



57 

Vienna Ab Initio Simulation Package (VASP)44 in all our calculations. In order to describe both 

the polaron and the vdW gap in R-MoO3-x, we adopted the DFT+U method45 for onsite Coulomb 

interaction and the optB88-vdW functional46 for nonlocal correlation effects. The formalism of 

Dudarev et al. was employed to express the onsite Coulomb interaction with Ueff = 6 eV for Mo 

ions. We used bulk supercells of MoO3 containing 36 formula units. In all cases, a plane wave 

basis set with an energy cutoff of 500 eV was used to expand the electronic wave functions. The 

Brillouin zone was sampled by the Monkhorst-Pack47 method with a 2×2×2 k-point mesh. Atomic 

coordinates were fully relaxed until all the forces were below 0.02 eV/Å.  

The formation enthalpy of oxygen vacancy in R-MoO3-x is defined by the following 

expression: 

𝐻𝑓 = 𝐻 [(𝑀𝑜𝑂3−𝑥/𝑛)𝑛
] +

𝑥

2
𝐻°[𝑂2(𝑔)] − 𝐻[(𝑀𝑜𝑂3)𝑛] 

where 𝐻 [(𝑀𝑜𝑂3−𝑥/𝑛)𝑛
] is the enthalpy of bulk supercell of R-MoO3-x with oxygen vacancies, 

𝐻[(𝑀𝑜𝑂3)𝑛] is the enthalpy of bulk MoO3, and 𝐻[𝑂2] is the enthalpy of an oxygen molecule in 

the triplet state. The enthalpies of bulk phases ((𝑀𝑜𝑂3−𝑥/𝑛)𝑛
, (𝑀𝑜𝑂3)𝑛�) can be accurately 

approximated by the DFT total energies, while enthalpy value of gas phase (𝑂2) cannot be 

accurately calculated from DFT. Thus, we approximated 𝐻°[𝑂2(𝑔)] by using the reaction enthalpy 

of the following reaction under standard condition: 𝑀𝑜𝑂2(𝑐𝑟) +
1

2
𝑂2(𝑔) �→ �𝑀𝑜𝑂3(𝑐𝑟) 

48, and 

the DFT total energies of MoO2 and MoO3: 

1

2
𝐻°[𝑂2(𝑔)] ≈ 𝐸[𝑀𝑜𝑂3] − 𝐸[𝑀𝑜𝑂2] − ∆𝐻𝑟

° 
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The obtained enthalpy of an oxygen molecule is used to calculate the dissociation energy of an 

oxygen molecule. The calculated dissociation energy is 5.6 eV, which is in reasonable agreement 

with the experimental value of 5.2 eV. We point out that the dissociation energy of an oxygen 

molecule calculated from DFT directly is 6.8 eV, which overestimates the experimental value by 

1.6 eV.  

  Using lithium metal as a reference electrode, the voltage of lithium insertion in the dilute 

limit is calculated from49 

V =
∆𝐺

𝑒
 

where ∆G is the free energy of lithium intercalation in the dilute limit in bulk pure MoO3 or R-

MoO3-x. ∆G can be calculated from the following expression: 

∆G = G[(Mo𝑂3)𝑛𝐿𝑖] − 𝑛𝐺[Mo𝑂3] − 𝐺[𝐿𝑖] 

where G[(MoO3)nLi] is the total free energy of bulk supercell of pure MoO3 or R-MoO3-x with 

a lithium atom, G[MoO3] is the total free energy of pure or reduced bulk MoO3, and G[Li] is the 

total free energy of Li metal in the bcc phase. 
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Chapter 4  

Mesoporous MoS2 as a transition metal dichalcogenide exhibiting pseudocapacitive Li 

and Na-ion charge storage  

 

4.1. Introduction 

Pseudocapacitive charge storage is emerging as an exciting means of storing energy which 

could find applications ranging from electric vehicles to fast charging portable electronics. This 

type of charge storage may alleviate the fundamental kinetic barriers associated with solid-state 

diffusion processes that lead to long charging times in traditional batteries. The power density in 

Li-ion batteries is fundamentally limited because faradaic (i.e. charge transfer) reactions in those 

electrode materials involve solid-state ionic diffusion (10-10 - 10-15 cm2
 s

-1), which leads to slow 

charging and discharging times.1,2 In contrast, electric double layer capacitors (EDLCs) exhibit 

high power density by storing charge on a high surface area material (usually carbon).3–5 However, 

the total available capacity of the active material is limited by electrostatic repulsion,6 leading to 

specific capacitances of only ~100 F g-1. 3,7  Pseudocapacitance is another type of charge storage 

mechanism that combines the dynamic response of EDLCs with the high energy density of 

batteries through faradaic reactions that display capacitor-like kinetics.8–10 Pseudocapacitance 

occurs by charge transfer at or near the surface of a redox active material, and can offer specific 

capacitances greater than 1000 F g-1. 11–14 Realization and application of these materials represent 

the next frontier in the development of fast energy storage technology. 

Pseudocapacitive charge storage has been described as being either an intrinsic property or 

an extrinsic property of a material. Intrinsic pseudocapacitive materials, 12 such as RuO2•xH2O,15 

MnO2, 
16 and Nb2O5,

17,18 display pseudocapacitance for a wide range of particle sizes and 
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morphologies. The electrochemical properties of an extrinsic pseudocapacitor material, on the 

other hand, depend on the particle size.  Unfortunately, intrinsic pseudocapacitor materials are not 

abundant and this has led our group to focus on the development of various extrinsic materials. 

For example, in a recent publication we have carefully examined MoO2, which is an extrinsic 

pseudocapacitor material that does not exhibit pseudocapacitance in bulk form.19 Synthesis of the 

material with a hierarchical nanoscale architecture, however, led to charge storage through a 

pseudocapacitive mechanism. The key finding was that pseudocapacitance arises in an extrinsic 

material when three key criteria are met: (1) no phase changes occur upon ion insertion and de-

insertion, (2) ion diffusion pathlengths are reduced by nanostructuring the material, and (3) there 

is good electronic conductivity within the active material, between particles, and to the current 

collector. Certain distinct electrochemical features characterize pseudocapacitive charge storage 

processes. For example, in cyclic voltammetry, redox peaks show a small voltage offset between 

oxidation/reduction peaks, which is indicative of reversible reactions and fast charge transfer 

processes. 12 

Pseudocapacitance has been demonstrated in many transition metal oxide based 

materials,20–23 but transition metal sulfides, while studied, and even commercialized as battery 

materials, are a mostly unexplored area for capacitive charge storage.24,25 Metal chalcogenides are 

promising pseudocapacitive candidates because of their anisotropic crystal structures, which have 

large interlayer atomic spacings that can allow for facile ion diffusion. The thermodynamically 

stable phase of MoS2 is the 2H form, consisting of trigonal prismatic coordination of sulfur around 

the molybdenum and weak van der Waals stacking along the c-axis of the unit cell.26 The van der 

Waals gaps are 6.2 Å in large crystals and can be expanded to 6.9 Å in nanostructured samples.27,28 

The large van der Waals gaps should be ideal for fast 2-D Li-ion diffusion, but they have not been 
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well exploited as most studies have focused on high capacity, four electron reduction reactions that 

destroy these diffusion pathways as discussed below.  

MoS2 has been well studied as a high capacity electrode material, achieving up to 1290 

mAh g-1 when cycled with Li-ions to 0 V vs. Li/Li+ 29,30 and 854 mAh g-1 when cycled with Na-

ions to 0 V vs. Na/Na+.31 In-situ X-ray diffraction combined with FTIR spectroscopy has revealed 

that when MoS2 is cycled to these very low potentials to achieve these very high capacities, 

molybdenum metal nanoparticles are formed within a Li2S matrix, and subsequent electrochemical 

cycling operates as a lithium-sulfur redox couple.32 In the analogous experiment of cycling MoS2 

to 0 V vs. Na/Na+, X-ray diffraction confirmed the formation of Na2S, demonstrating that this, too, 

is a conversion-type reaction.33 While high capacities are achieved at these low potentials with 

both Li-ion and Na-ions, the parent crystalline atomic structure is completely destroyed and does 

not reform after the Li or Na is removed. 32,33 Furthermore these diffusive phase changes are 

kinetically hindered, thereby precluding pseudocapacitive behavior, which relies on rapid kinetics. 

In the 1980’s, MoS2 was a seriously considered as an intercalation-host cathode for a 

commercial Li-ion batteries. In the original 1980 Moli Corp patent, it was reported that MoS2 

exhibited long lifetimes when cycled in a limited voltage region.34,35 Early structural 

characterization of this insertion reaction, and more recent work that includes the sodium insertion 

reaction, shows that  limiting the cycling voltage between 1.0-3.0 V vs. Li/Li+ or 0.5-2.6 V vs. 

Na/Na+ corresponds to the insertion of ~1 mole of Li or Na in LixMoS2 or NaxMoS2, without 

destroying the 2-D atomic layered structure.36–38 The work presented in the Moli Corp patent and 

subsequent peer reviewed works on MoS2 as an intercalation host highlighted the high energy 

density (with a Li anode) and good cycling lifetime.34,35 However, bulk MoS2 powders produce a 

battery material that requires charging times between 3 and 10 hours to realize the highest 



68 

capacities and longest cycle lifetimes.34,39 Nanostructuring MoS2 represents a method to cross-over 

from this slow-battery type charge storage, to a fast pseudocapacitive charge storage mechanism. 

A number of methods have been developed to synthesize nanostructured MoS2.  For 

example, multiple hydrothermal syntheses have been utilized to produce various nanostructured 

forms of MoS2.
 40–42 These syntheses tended to produce fairly disordered crystal structures and do 

not lead to homogeneous microstructures. In order to better control the morphology of MoS2 

nanomaterials, Yu et al. synthesized 5 nm dispersible MoS2 nanoparticles from Mo(CO)6 and sulfur 

using a coordinating solvent. 28 The low temperatures utilized in that work, however, led to 

nanoparticles with low crystallinity and poor lamellar stacking along the c-axis direction.  Another 

synthesis technique demonstrated by Lou et al. utilizes a two-step process in which hydrothermally 

synthesized α-MoO3 nanowires are converted to MoS2 by thermal sulfurization in H2S.45 The 

original oxide morphology was retained after the sulfurization process, and the particles exhibited 

good crystallinity presumably because of the high conversion temperature (10 hours at 600 ° C). 

More extensive discussion of the various methods used to synthesize MoS2 have been 

reviewed.29,46–48 

Even though nanoparticle based materials are advantageous for their short ion-diffusion 

path lengths, they do not usually form ideal electrode architectures with carbon and binders. 

Inhomogeneous nanoparticle agglomerates tend to form, which are difficult to disperse in a 

conductive additive and result in resistive inter-particle electrical contact, leading to poor 

electronic conduction.49 In order to address these issues, we utilize mesoporous nanostructures that 

make use of three important qualities that give rise to pseudocapacitive behavior: (i) the ion 

diffusion path lengths are limited to within the nanoscale pore walls, (ii) the electroactive grains 

are interconnected and electrically connected to the current collector/substrate because the porous 
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structure extends in three-dimensions, and (iii) the pores allow for good electrolyte accessibility 

to all the electroactive surfaces.22,50 Previously, mesoporous MoS2 was fabricated using a hard 

templating approach with sacrificial silica templates.51 In that study, the four-electron conversion 

reaction was investigated, and stable performance was demonstrated for 100 cycles. However, 

conversion reactions tend to severely damage the carefully designed nano-structure, making it 

difficult to correlate performance with morphology.    

In this work we fabricate ordered mesoporous MoS2 (mp-MoS2) thin film electrodes to 

study their pseudocapacitive properties. These mesoporous thin films form an ideal electrode 

architecture in which the pores provide electrolyte access to the bulk of the film, and the thin 

nanocrystalline walls are ideal for pseudocapacitive charge storage. The thin film format was also 

chosen to eliminate the need for conductive carbon additives or binders in order to isolate the 

effects of nanostructuring the MoS2.
52 

The mesoporous MoS2 thin films were synthesized by a two-step method. In the synthesis 

of these materials, we utilized evaporation induced self-assembly (EISA) of a block copolymer 

and a sol-gel type precursor to form mesoporous MoO2 thin films.  The films are then converted 

into MoS2 using thermal sulfurization. Block copolymer templating is a well-established method 

to synthesize a variety of ordered mesoporous oxides with uniform, well-defined pore sizes,53–60 

in both thin film61,62  and powder formats.63–65 This preliminary step of creating MoO2 enables 

precise control of the nanoscale architecture, however, block copolymer templating cannot be used 

to directly form sulfides. Therefore, we use thermal sulfurization in H2S to convert the MoO2 to 

MoS2, which preserves the carefully constructed nanoscale architecture. This two-step synthesis 

method leads to nanocrystalline MoS2 domains which are directly connected to each other, 

minimizing the interfacial resistance that is so problematic in nanoparticle agglomerates. The 
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ability to control the pore size, pore-size distribution, and pore periodicity, further enables 

optimized electrolyte diffusion, minimizes the pore volume, and can lead to increased power 

density.53–56,66,67  In this report, the mesoporous architecture is correlated with the pseudocapacitive 

properties using a detailed cyclic voltammetric analysis that quantitatively decouples 

pseudocapacitance and diffusion-controlled contributions to overall charge storage. This analysis 

results in a figure of merit for pseudocapacitive energy storage that is used to understand how 

nanoscale architecture is related to pseudocapacitive energy storage. 

4.2. Results and Discussion 

4.2.1. Materials characterization 

Ordered mesoporous MoS2 thin films (mp-MoS2) were synthesized through the conversion 

of mesoporous MoO2 thin films (mp-MoO2) utilizing a solid-gas reaction with H2S gas. Mp-MoO2 

was synthesized by EISA of molybdenum sol-gel precursors and an amphiphilic diblock 

copolymer [poly(ethylene oxide-block-butylene oxide), PEO-b-PBO]. The di-block copolymer 

utilized in this study does not tend to form very ordered structures because of polydispersity in 

block length, but due to its high oxygen content, it can be fully removed in the reducing 

atmospheres needed to crystalize mp-MoO2 without forming MoO3.
68 During the solution phase 

component of the sol-gel reaction, the metal chloride precursors undergo condensation reactions 

catalyzed by in-situ generated HCl.69 The multi-valent metal clusters of the molybdenum-oxygen 

condensates can associate with the electron rich oxygen moieties in the PEO block of the 

copolymer in solution.70 During the dip-coating process, solvent evaporation leads to micelle 

assembly and the formation of inorganic/organic mesostructured composites.71–75  Thermal 

processing can then be used to remove the organic component, leaving a nanoporous network.  
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Figure 4.1 a shows a scanning electron microscope (SEM) image of a calcined mp-MoO2 

film; the surface of the films presents an ordered porous structure with ~10 nm pores and ~10 nm 

walls.  The SEM and transmission electron microscope (TEM) images in Figure 4.1 b and 4.1  c 

then show the structure of the mp-MoS2 that was produced from the mp-MoO2 by thermal 

sulfurization in H2S gas.  While the pore walls have clearly increased in thickness in the SEM 

image due to the lower density of MoS2 compared to MoO2, the porosity remains unchanged.  TEM 

further confirms the three dimensional nature of the pores.  Raman spectroscopy (Figure 4.2) 

shows very little scattering from amorphous or graphitic carbon, confirming that the majority of 
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Figure 4.1.  Nanoscale structural characterization. SEM images of the surface of mp-MoO2 

film (a) and mp-MoS2 thin film (b). TEM image of mp-MoS2 illustrating the ordered 

mesoporosity (c). HRTEM of a mp-MoS2 film showing the (00l) lattice planes (d). Synchrotron 

based 2-D grazing incidence small angle X-ray scattering (GISAX) patterns for MoO2 (e) and 

MoS2 (f) thin films. 
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the PEO-PBO was removed during the thermal processing. The conversion of the mp-MoO2 into 

crystalline mp-MoS2 is further verified by high resolution transmission electron microscopy 

(HRTEM) (Figure 4.1 d), which shows S-Mo-S tri-layers that can be clearly distinguished as 

stripe-like patterns. The MoS2 grains appear to coarsen slightly during the thermal sulfurization, 

but conversion below 500C° led to amorphous MoS2 that did not show pseudocapacitive charge 

storage behavior. Despite the increase in wall thickness, the overall mesoporous structure is well 

retained throughout the sulfurization process, suggesting that this synthesis method could be 

utilized to produce a broad range of nanostructured metal sulfides based on metal oxides that 

possess desired nano-architectures.  

Several reports have shown that for carbonaceous supercapacitors, the pore size and size 

distribution directly affect electrochemical properties.76–80 Therefore, we have utilized both low 

angle X-ray diffraction and porosimetry methods to quantify the nature of the porosity. 

Synchrotron-based grazing incidence small angle scattering (GISAX) Figure 4.1 e and 4.1 f show 
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Figure 4.2. Raman spectroscopy of as prepared mp-MoS2. There is minimal intensity from the 

carbon D and G bands between 1000 and 2000 cm-1.  This indicates that the PEO-PBO polymer 

template is well decomposed and volatilized during thermal processing, despite the fact that 

reducing conditions are needed to form nanoporous MoO2. 
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X-ray diffraction arcs along the qxy direction indicating that these thin films have ordered porosity 

in the plane of the substrate. The in-plane repeat distance calculated from qxy (when qz  0) in 

Figure 4.1 e  is 0.28 nm-1 or 22 nm in real space.  After conversion to mp-MoS2, this value remains 

the same, with only a slight diminution of scattering intensity (Figure 4.1 f), as expected for a film 

that is covalently bound to the substrate.  Ellipsometric porosimetry was used to calculate the film 

thickness and to demonstrate that the porosity observed by SEM on the film surface is 

homogeneous throughout the bulk of the film. The measured thicknesses of the mp-MoO2 and the 

mp-MoS2 films were determined to be 57 nm and 85 nm, respectively.  Figure 4.3 a and 4.3 b show 

toluene adsorption/desportion isotherms for both mp-MoO2 and mp-MoS2, respectively. The mp-

(a)

(b)

(c)

(d)

 

Figure 4.3. Characterization of porosity using elipsometric porosimetry.  Toluene adsorption-

desorption isotherms and pore size distributions calculated from the isotherms are presented 

for MoO2 thin films in panels (a) and (c), respectively, and for mesoporous MoS2 thin films in 

panels (b) and (d), respectively.  The pore size decrease observed for the MoS2 films is 

consistent with SEM observations and likely stems from the decreased density of MoS2 

compared to MoO2. 
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MoO2 and mp-MoS2 isotherms exhibit a large hysteresis between adsorption and desorption of 

toluene, which is indicative of a mesoporous structure with a cage and neck type architecture. 

Figures 4.3 c and 4.3 d show the pore size distributions calculated from both the adsorption and 

desorption branch of the isotherms. Using the adsorption isotherm, the average pore radius of the 

mp-MoO2 thin film is calculated to be 8 nm (Figure 4.3 c) which decreases to 5 nm after conversion 

to mp-MoS2 (Figure 4.3 d). The decrease in pore size and increase in film thickness after 

conversion to the sulfide can be attributed to a change in density of MoO2 (density = 6.5 g cm-1) 

compared to MoS2 (density = 5.1 g cm-1).  

The crystal structure and texture of mp-MoO2 and the converted mp-MoS2 were 

determined using synchrotron-based grazing incidence wide angle X-ray scattering (GIWAX). 

Figure 4.4 a shows that the 1-D GIWAX patterns, integrated from the 2-D images (Figure 4.5), of 

MoO2 and MoS2 match JCPDS No. 32-0671 and JCPDS No. 37-1492, respectively. Scherrer 

analysis of the (002) planes indicate that mp-MoS2 grains have a 4 nm coherence length. The small 

size likely results from a combination of finite size effects, disorder of the van der Waals gaps, and 

curvature of the (002) planes as observed from the HRTEM in Figure 4.1 d. Due to the relatively 

low synthesis temperature used here, it seems reasonable that not all the layers will order uniformly 

along the c-axis direction due to the weak bonding in that direction. We believe that some aspects 

of the pseudocapacitive charge storage process discussed later in this paper stem from the very 

small disordered nanoparticles that comprise the pore walls.   

Beyond crystallite size effects, the 2-D GIWAX (Figure 4.4 b) indicates that mp-MoS2 

exhibits significant texture, with the (002) diffraction planes oriented parallel to the plane of the 

substrate. To quantify the percent orientation, sections of the 2-D GIWAX pattern corresponding 
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Figure 4.4. Integrated synchrotron based grazing incidence wide angle X-ray scattering 

(GIWAX) pattern obtained on MoO2 and MoS2 (a).  An example of the raw 2D data for the mp-

MoS2 sample is shown in part (b).  Diffraction rings are indexed on the pattern and the spots 

marked with a * arise from the silicon substrate.  Part (c) shows integrated slices of the mp-

MoS2 (002) peaks obtained by integrating over a 10° wedge centered at either 90° or 180 ° to 

show the in-plane and out-of-plane diffraction contributions. The data show preferential 

ordering of the (002) planes parallel of the substrate. 
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to the in-plane direction and out-of-plane scattering direction were integrated separately. The 

result, shown in Figure 2 (c), illustrates that the out-of-plane (002) scattering intensity (i.e. 

scattering from (002) planes oriented parallel to the substrate) is four-times larger than scattering 

from the in-plane direction (i.e. for (002) planes oriented perpendicular to the substrate). The 

preferential orientation is highly beneficial for fast intercalation reactions in mp-MoS2 because 

bulk ion insertion occurs in the (002) planes rather than through the basal planes.26 Therefore, the 

orientation of the mp-MoS2 crystallites leads to a high density of active edge sites being exposed 

to the pore volume and thus to the electrolyte. A previous study proposed that iso-oriented 

mesoporous MoO3 thin films exhibited fast charge storage kinetics partly because ions easily enter 

the van der Waals gaps from the pore edges and because this texture helped accommodate 

electrochemically induced volume 

expansion normal to the substrate.56  

4.2.2. The electrochemically driven 

semi-conductor to metal phase 

transition  

Previous in-situ XRD studies 

confirmed that upon Li-intercalation, 

MoS2 undergoes an irreversible first-

order phase change from the 

semiconducting 2H-MoS2 phase to the 

metallic 1T-MoS2 phase, which is 

associated with a voltage plateau at 1.1 V 

vs. Li/Li+.36  In the mp-MoS2 system, the 
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Figure 4.5. Two-dimensional grazing incidence 

wide angle x-ray diffraction patterns of MoO2 (a) 

and MoS2 (b). * represents diffraction from the 

single crystal silicon substrate.  The MoO2 rings 

are all quite isotropic, while significant textures is 

observed for MoS2. 
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cyclic voltammograms (CV) shown in Figure 4.6 a display a prominent redox peak at 1.1 V vs. 

Li/Li+. After 10 cycles, this electrochemical process at 1.1 V vs. Li/Li+ is replaced by a new current 

response between 1.5 - 2.5 V vs. Li/Li+, which appears during both oxidation and reduction. The 

broad current response that was observed between 1.5 - 2.5 V vs. Li/Li+ during the first one-
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Figure 4.6. Structural, electrochemical, and electronic characterization of the lithium-driven 

semiconductor-to-metal phase conversion. Cyclic voltammograms collected at 5 mVs-1 over 

the first 100 cycles for a mp-MoS2 film (a). This pre-cycling drives the 2H to 1T phase 

transition. Selected area electron diffraction (SAED) of pristine and cycled mp-MoS2 (b). The 

diffuse rings are a result of many different crystallite orientations in the selected sample area.  

A clear difference in peak position is observed, both in the raw data and in the 1D patterns 

obtained by integrating the 2D SAED patterns (c). The pristine mp-MoS2 phase can be 

identified as 2H-MoS2 by comparison of a 2H simulated powder pattern with both the SAED 

derived powder pattern and the GIWAX pattern, all of which are shown in part (d).  Reasonable 

agreement is also observed between the simulated 1T powder pattern and the SAED derived 

diffraction pattern obtained on cycled mp-MoS2 in part (e), further confirming the phase 

transition. Finally, I-V curves obtained with current sensing AFM are shown in part (f). The 

current response is dramatically increased in the 1T phase compared to the 2H phase, as 

expected for a transition from a semiconductor to a metallic conductor. 
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hundred cycles becomes more defined, and these new peaks are consistent with lithiation and 

delithiation of 1T-MoS2.
81 

To confirm that this electrochemically driven phase transition is indeed occurring in our 

mesoporous MoS2 sample, we have combined a number of different techniques to characterize our 

samples after fifty cycles with a goal of correlating the electrochemical signatures of a phase 

transition to changes in structure and conductivity. The selected area electron diffraction (SAED) 

patterns of the pristine and cycled mp-MoS2 films are presented in Figure 4.6 b, and they clearly 

show diffraction rings that correspond to different crystalline phases. The SAED patterns were 

integrated, so that the changes innumerate could be more clearly distinguished and compared. 

Figure 4.6 c again shows a clear change in peak position after cycling, and we have ruled out that 

the cycled MoS2 diffraction pattern is just simply linearly shifted to higher Q by confirming that 

the two patterns are not superimposable (not shown). In order to give confidence to our collection 

and processing methods we have simulated the MoS2 2H pattern, and show that it is in excellent 

agreement with both the 1-D SAED data and the previously shown GIWAX pattern (Figure 4.6 d). 

We also simulated the MoS2 1T pattern using the isostructural CdI2 structure type.26  This simulated 

1T pattern is compared to the integrated pattern obtained from the cycled film and is shown in 

Figure 4.6 e. The cycled MoS2 agrees fairly well with the simulated pattern, and previous reports; 

82–84 however, there is a discrepancy in a few of the peaks, possibly due to some residual Li+
 in the 

1T lattice, a small amount of 2H material in the sample (see below), or simply to material disorder. 

It is clear however, that cycling converts the mp-MoS2 into a distinctly different crystalline phase. 

This electrochemical-driven structural transformation has been shown to lead to a reorganization 

of the original semiconducting band structure, ultimately leading to metallic conductivity. 82,85 
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The structural transformation was further characterized by both XPS and Raman 

spectroscopy. High resolution X-ray photoemission spectroscopy (XPS) traces for Mo 3d and S 2p 

confirm the 2H to 1T phase transition (Figure 4.7). 86–88 The high resolution Mo 3d spectrum 

indicates that the molybdenum in mp-MoS2 is in the 4+ valence state while the sulfur is in the 2- 

valence state, both of which are consistent with the electronic structure of MoS2. Before the phase 

transformation occurs, the Mo 3d5/2 signal is best fit to a single peak at 229.4 eV. After the phase 
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Figure 4.7. X-ray photoelectron spectroscopy (XPS) of pristine and cycled MoS2. The high 

resolution XPS data obtained on pristine mp-MoS2 is presented in panels (a) and (b); data 

collected on cycled MoS2 is presented in panels (c) and (d). The pristine MoS2 high resolution 

molybdenum and sulfur spectra can be well fit to one oxidation state each, namely, Mo4+ and 

S2-.  Peak positions are in good agreement with the 2H phase of MoS2.  After cycling, the high 

resolution MoS2 molybdenum and sulfur spectra can now be deconvoluted into two electronic 

states. The 2H peaks remain, but now a new electronic state at lower binding energy appears 

that can be assigned to the metallic electronic structure of the MoS2 1T phase. 
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transition occurs, the Mo 3d5/2 peak can be deconvoluted into two independent peaks 

corresponding to the 2H (229.4 eV) and the 1T phase (228.6eV).86–88  We note that the fraction of 

2H signal in the converted material is not necessarily representative of the bulk 2H fraction.  XPS 

is a highly surface sensitive method; while the 1T phase is kineticly stable, it is not the 

thermodymically stable phase without Li+ present, so some back transformation at the material 

surface is likely. Finally, the local bonding structure of MoS2 was examined using Raman 

spectroscopy (Figure 4.8), which also confirms the 2H to 1T phase transformation after cycling 

through the appearance of several new Raman modes. 87,89 While the diffraction data alone does 

not unequivocally assign the cycled material to the 1T phase, the results of the XPS, Raman, and 

SAED taken together lead to the clear conclusion that this material is dominantly in the 1T phase 

after cycling.  
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Figure 4.8. Raman spectrum of a non-cycled (a) and cycled (b) mp-MoS2 films. In panel (a), 

peaks labeled 𝐸2𝑔
1 , E1g, and A1g all correspond to the 2H of MoS2. The 2H A1g peak overlaps 

strongly with an intense 1T mode, so it cannot be used to identify the materials structure.  A 

decrease in the ratio between the 𝐸2𝑔
1  mode and the peak at 405 cm-1

 is associated with a 

transition from the 2H to the 1T phase of MoS2.  Moreover, four additional peaks are observed 

after cycling with Li-ions, shown in the expanded region of 125 cm-1 – 375 cm-1 in panel (b), 

which confirms the existence of the 1T MoS2 phase. 
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While the crystal structure of the new phase is of academic interest, the important question 

for device performance is the conductivity of the cycled MoS2.  Using current sensing atomic force 

microscopy we have determined that the newly formed phase is much more conductive than the 

un-cycled material, which is expected from the conversion of a semiconductor to a metal. The I-V 

curves in Figure 4.6 f, obtained in several different locations on the film, show the contrast between 

the poor conductivity of the semiconducting pristine MoS2 (red curves) and the metallic 

conduction of the cycled MoS2 (black and 

blue curves). We note, however, that there is 

variation in the conductivity throughout the 

cycled film, seen as the spread of curves in 

Figure 4.6 f.  Some of the I-V curves show a 

sigmodial shape, which is probably due to 

conduction through a mixture of both 2H 

and 1T phases. Due to the ex-situ nature of 

this experiment there is a possibility that 

some of the 1T phase converts back to the 

2H phase.  

The effect of the increase in 

electronic conductivity on the charge 

transfer resistance at the electrode-

electrolyte interface was further investigated 

using electrochemical impedance 

spectroscopy (EIS). The charge transfer 
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Figure 4.9.  Electrochemical impedance of mp-

MoS2 in a lithium-ion electrolyte. Nyquist plots 

of the 1st, 2nd, and 20th cycle collected at 1.0 V 

vs. Li/Li+ are shown in (a). The charge transfer 

resistance calculated from the mid-frequency 

intercept of the Nyquist plots over 20 cycles are 

shown in (b). The charge transfer resistance 

increases after the first Li-insertion process, 

most likely due to SEI formation. It then 

decreases with further cycling, finally 

stabilizing after 15 cycles. 
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resistance Rct can be quantified by fitting the Nyquist plots shown in Figure 4.9 a using an 

appropriate model. We found that at 1.0 V vs. Li/Li+, Rct is characterized by three distinct regions. 

In the first region (cycles 1 and 2) Rct increases, most likely due to SEI formation. In the second 

region (between cycles 2-10), Rct linearly decreases, most likely due to the 2H to 1T phase change. 

Finally in the third region, between cycles 10-20, Rct begins to stabilize after the phase change is 

 
Figure 4.10. Structural characterization after the 2H to 1T phase transition. GISAX pattern (a), 

TEM image (b), and HRTEM image of the mp-MoS2 after cycling (c). The data show excellent 

retention of the ordered mesoporous structure, and layered atomic structure, even after the Li-

ion induced 2H-to-1T phase change. 
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largely completed. Regions two and three of the EIS data correlate well with the CV data presented 

in Figure 4.6 a, as the electrochemical signature corresponding to the 2H to the 1T phase change 

occurs predominantly over the first 10 cycles. 

Finally, structural stability was examined after galvanostatic cycling to determine if the 

porous architecture and S-Mo-S layer structure were retained after the 2H to 1T phase 

transformation had occurred. Ex-situ GISAX and TEM data (Figure 4.10 a and 4.10 b) collected 

on mp-MoS2 after several Li-ion insertion and deinsertion cycles was used to assess the retention 

of the ordered mesoporosity of mp-MoS2. The data in Figure 4.10 a establishes that the low angle 

X-ray scattering from the cycled pore system is nearly identical to that of the un-cycled material.  

TEM also confirms that the newly formed 1T MoS2 phase looks very much like the original 2H 

material on the nanometer lenthscale.  Finally, HRTEM (Figure 4.10 c) shows that the stripe-like 

S-Mo-S layers are preserved, a fact that is central to the fast pseudocapacitive charge storage that 

will be discussed in the next section.  

4.2.3. Electrochemistry 

In this section we will examine the fundamental electrochemical properties of the 1T-

phase of mp-MoS2. The metallic conductivity of 1T-MoS2 in combination with the interconnected 

grains is highly beneficial for fast charge transfer reactions. Cyclic voltammograms collected 

between 1 – 100 mV s-1 for 1T mp-MoS2 are shown in Figure 4.11 a and 4.11 b.  Clear redox 

peaks are observed between 1.7 and 2.6 V vs. Li/Li+, and broad distribution of redox current is 

measured between 1.0-1.7 V vs. Li/Li+.  Similar redox peaks are observed in slurry electrodes 

made from micron-sized MoS2 powders (Figure 4.12), but these bulk electrodes show a low 

current response below 1.75 V vs. Li/Li+. Therefore, we attribute this new electrochemical 
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process in our mp-MoS2 to the porous architecture that leads to a high density of easily 

accessible surface-redox active sites. These surface sites will be highly defective in nature and 

most likely will have a broad distribution of energies associated with oxidation and reduction. A 

similar broad distribution of electrochemical signatures are observed in RuO2 • x H2O 15 which 

are ascribed to pseudocapacitive charge storage. 
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Figure 4.11. Electrochemical characterization of mp-MoS2 collected using Li electrolytes. 

Cyclic voltammograms collected at scan rates ranging from 1 - 10 mVs-1 (a). Cyclic 

voltammograms collected at scan rates ranging from 10 - 100 mVs-1 (b). Specific capacity 

versus charge and discharge time (c). Trasatti analysis utilizing the dependence of voltammetric 

charge storage on the sweep rate (d, e). As 𝜐 → ∞ access to the more diffusion controlled redox 

sites are excluded and extrapolation of capacity versus v-1/2 gives the capacitive charge storage 

(qcapacitive), which is calculated to be 156 mAh g-1 (d). As 𝜐 → 0 access to diffusion limited redox 

sites can occur and so extrapolation of the inverse capacity versus v1/2 gives the extrapolated 

total charge (qtotal), which is calculated to be 174 mAh g-1 (e). Using the relationship qtotal = 

qcapactive +  qdiffusion we can conclude that our qdiffusion is 18 mAh g-1 indicating that the majority 

of the charge storage occurs in a non-diffusion controlled manner in our mp-MoS2. The ratio of 

the capacitive charge storage to the total charge storage is 90%. Capacitive and diffusion 

controlled charge storage contributions for mp-MoS2 cycled in a Li-electrolyte at 1 mVs-1 can 

also be calculated using the method described in equation 3 (f). The capacitive contributions is 

91% and is denoted by the shaded grey region; these results are thus in good agreement with 

the Trasatti analysis. 
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The peaks in the cyclic voltammograms (Figure 4.11 a and 4.11 b) ca. 1.5 - 2.0 V show 

relatively little change in potential as a function of sweep rate. This indicates rapid lithium 

insertion/deinsertion kinetics in our mp-MoS2. The total charge storage in the mp-MoS2 is 

plotted as a function of charge time in Figure 4.11 c; the data indicates that the maximum value 

for the gravimetric capacity, 173 mAh g-1, is reached after 2000 seconds. This capacity is in 

reasonable agreement with the theoretical value of 167 mAh g-1 for the insertion of one Li+ per 

MoS2.  The small additional capacity over theoretical is likely due to the presence of new surface 

redox sites.  More significant, however, is that 140 mAh g-1 or over 80% of the theoretical 

capacity can be obtained in just 20 seconds. Galvanostatic measurements were also performed to 

complement the CV measurements (Figure 4.13). The pseudo-linear galvanostatic traces clearly 

distinguish this charge storage mechanism from battery-type or diffusion dominated charge 

storage. Similar charge storage kinetics are observed for both the CV and galvanostatic 

measurements, as expected for a capacitive system. The voltage drop at high C-rates is small and 

 
 

Figure 4.12. Cyclic voltammagrams of micrometer sized MoS2 particles in slurry electrodes 

cycled at 0.1mVs-1 (a), and 1.0mVs-1 (b).  These CV curves can be compared to data collected 

on the mesoporous thin films studied in this work, cycled at 1mVs-1 (c).  The data clearly show 

an increased current response below 1.75V vs. Li/Li+ in mp-MoS2 that is not observed in bulk 

powders. 
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comparable to the small peak position hysteresis observed in the CV measurements. We propose 

that the fast kinetics are due to the metallic conductivity of mp-MoS2 combined with an ideal 

nanoscale architecture consisting of interconnected nanocrystals with short ion diffusion path 

lengths and good electrolyte accessibility. The performance metrics are extremely high when 

compared to other oxide pseudocapacitors.90,91 

 

To further explore the nature of these charge storage processes, the electrochemical 

insertion/deinsertion kinetics of mp-MoS2 were investigated using the Trasatti analysis92–94 to 

quantify the diffusion-controlled and capacitive charge storage processes:  

q(υ) = 𝑞𝑐𝑎𝑝𝑎𝑐𝑖𝑡𝑖𝑣𝑒𝛼(𝜈
−1/2)     (1) 

1

q(υ)
=

1

𝑞tot
�+ 𝛼(𝜈1/2)                 (2) 

where q(υ) is the total measured voltammetric charge transfer,  qcapacitive refers to capacitive 

charge storage (both from double layer and pseudocapacitive processes), qtot is the total amount 

of charge storage, and αν-1/2 indicates charge storage associated with semi-infinite diffusion, 

 
 

Figure 4.13. Galvanostatic cycling data for mp-MoS2 cycled in a Li-ion electrolyte.  Part (s) 

shows voltage versus capacity at 1C (red), 5C (orange), 30C (green), and 60C (blue) between 

1 – 3 V vs. Li/Li+. Parts (b) and (c) show voltage versus time cuves at different rates.  Here C 

= 167 mA g-1. 
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where α is a constant and ν is the sweep rate. Utilizing Equation 1, as 𝜐 → ∞, access to the more 

diffusion controlled redox sites are excluded and the intercept of the extrapolated capacity versus 

v-1/2 trend-line gives the capacitive charge storage (qcapacitive), which is calculated to be 156 mAh 

g-1. On the other hand, utilizing Equation 2, as 𝜐 → 0, the electrochemical reaction time-scale is 

long enough to allow access to all sites in the material and extrapolation of 
1

𝑞(𝑉)
 versus v1/2 gives 

the extrapolated total charge (qtot), which is calculated to be 174 mAh g-1 (Figure 6 (e)), in 

excellent agreement with the highest capacity we obtained at 2000 s. The ratio of the capacitive 

charge storage to the total charge storage is 90%, which is extremely high, and intimately related 

to the unique nanoscale architecture of this material. 

 A second analysis was also performed to determine the potential regions where capacitive 

contributions occur in the CV plots. The measured current response as a function of potential is 

considered to be comprised of both capacitive currents (which vary as k1v) and diffusion-

controlled currents (which vary as k2v
0.5), as given in Equation (3). 

                       𝑖�(𝑉) �= 𝑘1𝜈 + 𝑘2𝜈
0.5                        

  

           

  (3) 

Here ‘i (V)’ is the measured current as a function of potential ‘(V)’, and ‘v’ is the scan rate. 

Figure 4.11 f shows this kinetic analysis at a sweep rate of 1 mVs-1.  Such a slow sweep 

rate is preferred for this analysis in order to provide the conditions which maximize the diffusion 

contribution. The analysis indicates that some 91% of the current, and therefore the capacity, is 

capacitive, which is in excellent agreement with the Trasatti analysis. The kinetic analysis reveals 

that the insertion processes, especially in the voltage region ca. 2.55 V, is more diffusion 

controlled than the de-insertion process. Reports have suggested that the electrochemically 

produced 1T phase can convert back to a disordered 2H-phase at 3 V by a glide-plane sliding 
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mechanism of the sulfur layers.36 If there is a sliding of sulfur layers concomitant with de-

intercalation (oxidation) at 2.55V, then diffusion controlled charge storage processes may occur 

upon re-intercalation (reduction) because of the need to reverse this partial back transition. 

Overall, however, this kinetic analysis indicates that almost all of the charge storage in mp-MoS2 

is capacitive throughout the entire voltage range measured. The capacity must come from 

surface-redox processes combined with intercalation over short diffusion path lengths 

(intercalation pseudocapacitance). Because the different processes are all kinetically facile, the 

contributions from surface, near surface, and ‘interior’ redox processes cannot be distinguished 

from one another. We postulate that the ideal 3-D porous geometry, combined with preferentially 

oriented nanocrystals produce an environment suitable for this high degree of capacitive charge 

storage. 

Our final set of lithium intercalation experiments address the question of cycling stability.  

Fast redox reactions and high levels of pseudocapacitive charge storage generally indicate minimal 

structural change upon lithium intercalation.  This, in turn, provides the potential for increased 

cycling stability.  Indeed, Figure 4.14 a shows that mp-MoS2 can be cycled 10,000 times at a rate 

of 23 C (2.5 minutes charge) with a loss in capacity of only 13%. The voltage versus capacity plots 

shown in Figure 4.15 demonstrate extremely good stability of this electrochemical charge storage 

process. We ascribe this excellent cycling behavior to the robust nanostructure and oriented crystal 

structure of mp-MoS2. The orientation of the (002) planes (Figure (2c)) should lead to iso-oriented 

volume expansion normal to the substrate during cycling, which in turn, decreases cycling induced 

strain. In addition, the flexible porous network should be able to accommodate any cycling induced 

volume changes by allowing the material to expand and contract without loss of connection to the 

current collector or neighboring MoS2 grains. 56 To confirm these ideas, the structural stability of 
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the mp-MoS2 was examined after 10,000 cycles by Raman spectroscopy (Figure 4.16) and XPS 

(Figure 4.17).  Both measurements indicate that the 1T phase is still predominantly present.  More 

importantly, the TEM image confirms that the porous nanoscale architecture is preserved (Figure 

4.16).  

 

 
 

Figure 4.14. Long term cycling stability. Specific capacity versus cycle number for a mp-MoS2 

film cycled galvanostatically at 23C in a Li-ion electrolyte (a). Specific capacity versus cycle 

number for a mp-MoS2 film cycled potentiostatically at 10 mVs-1 in a Na-ion electrolyte (b). 
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Figure 4.15. Galvanostatic cycling data for mp-MoS2 cycled in a lithium electrolyte at 23 C.  

The data show the excellent electrochemical stability of the system. Cycles 1 (red), 1000 

(orange), 2000 (green), 5000 (cyan), and 10,0000 (blue) are shown. 
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Figure 4.16. Structural characterization of mp-MoS2 cycled 10,000 times between 1 and 3 volts 

vs. Li/Li+. Part (a) shows Raman spectroscopy of the cycled film. This data show that the local 

MoS2 bonding motif is stable, even after many cycles. Part (b) shows a TEM image of the 

cycled film. The SEI layer inhibits detailed analysis of the cycled sample using TEM, but it is 

clear from this image that the nanoscale architecture and porosity is retained, even after 10,000 

cycles. 
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We next turn our discussion to the pseudocapacitive charge storage properties of Na-ion 

insertion in mp-MoS2. We emphasize again that we are focusing only on the intercalation of Na+ 

into mesoporous MoS2 because the four-electron reduction reaction extensively damages the 

nanoscale architecture of the MoS2.  A recent in-situ XRD study demonstrated that electrochemical 

intercalation of up to 1.1 Na-ions per Mo occur in commercial MoS2 powders.38 The 

electrochemical intercalation of Na-ions should be slower in MoS2, compared to Li-ion 

 
Figure 4.17. XPS characterization of mp-MoS2 cycled 10,000 times between 1-3 volts vs. 

Li/Li+.  High resolution XPS data obtained on pristine mp-MoS2 is presented in panels (a) and 

(b) and is the same as the uncycled data shown in figure S4. Data collected on MoS2 cycled 

10,000 times is presented in panels (c) and (d). The data in panels (c) and (d) is basically 

identical to that presented in figure 4.7 for samples cycled only 50 times.  These data thus 

confirm that the MoS2 phase is stable during extended electrochemical cycling. 
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intercalation, because of the larger ionic radius of Na+ (rionic=1.06 Å) vs Li+ (rionic=0.76 Å).[95,96] 

Nonetheless, MoS2 is an ideal candidate to accommodate a larger guest ion like Na+ because the 

large van der Waals gaps have been shown to intercalate guest ions and molecules even larger than 

Na+.26  

Similar to Li-ion insertion into MoS2, Na-insertion into MoS2 also induces a phase change 

from the 2H phase to the metallic 1T phase.97 The large current response at 0.90 V vs Na/Na+ in 

Figure 4.18 a corresponds to conversion into the 1T-MoS2 phase.97 With further cycling this peak 

at 0.90 V decays while new broad peaks appear between 1.25 - 2.25 V vs Na/Na+. After the phase 

transition was completed, CVs  

were collected between 1-100 mVs-1 as shown in Figure 4.18 b, c. Figure 4.18 d shows that the 

magnitude of Na-ion charge storage is not as large as that of Li-ion as now the total charge storage 

after an extended period of time (2200 seconds) is only 118 mAhg-1, about 80% of the theoretical 

value of 146 mAhg-1.  Not surprisingly, the kinetics are also slower than for Li ions as less than 

50% of the theoretical capacity (69 mAh.g-1) can be accessed in the 20 second time frame. Similar 

to the analyses performed on the Li-ion storage mechanism, the Na-ion charge storage properties 

were examined using these same methods. Utilizing Equation 1, the intercept of the extrapolated 

capacity versus v-1/2 trend-line gives the capacitive charge storage (qcapacitive), which is calculated 

to be 96 mAh g-1 (Figure 4.18 d). On the other hand, utilizing Equation 2, the extrapolation of 
1

𝑞(𝑉)
 

versus v1/2 gives the extrapolated total charge (qtot), which is calculated to be 130 mAh g-1 (Figure 

4.18 e), which is slightly larger than the capacity we measured at 1 mV s-1, most likely because the 

larger Na-ion is limited by diffusion more so than the smaller Li-ions. The ratio of the capacitive 

charge storage to the total charge storage is 74%, which is extremely high for this larger cationic 
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species. Utilizing Equation 3 (Figure 4.18 e) we find that 82% of the stored charge arises from 

non-diffusion controlled or capacitive processes, which is in excellent agreement with the Trasatti 

analysis. This result emphasizes that the large MoS2 van der Waals gaps form ideal diffusion 

pathways that promote a capacitor-like charge storage mechanism, even with the larger Na-ions. 

The cycling stability of mp-MoS2 in a sodium-ion electrolyte is not as good as that for Li-ions 

shown in (Figure 4.14 b). After 100 cycles the capacity has dropped to only 80% of the original 

value and the capacity eventually stabilizes at around 50% of the original value.  The system can 

achieve more than 1000 cycles at this 50% capacity, however.  
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4.3. Conclusions 

We have demonstrated that 3-D ordered porous MoS2 can be synthesized from polymer 

templated MoO2 materials. These MoS2 thin films possess ideal nano-architectures for 

 

Figure 4.18. Electrochemical characterization of mp-MoS2 collected using Na electrolyte (a). 

Cyclic voltammograms collected at 5 mVs-1 for the first three cycles (b). Cyclic 

voltammograms collected at scan rates ranging from 1 - 10 mVs-1 (c). Cyclic voltammograms 

collected at scan rates ranging from 10 - 100 mVs-1 (d). Trasatti analysis utilizing the 

dependence of voltammetric charge storage on the sweep rate (d, e). As 𝜐�→∞ access to the 

more diffusion controlled redox sites are excluded and extrapolation of capacity versus v-1/2 

gives the capacity charge storage (qcapacitive), which is calculated to be 96 mAh g-1 (d). As 𝜐�→0 

access to diffusion limited redox sites can occur and so extrapolation of the inverse capacity 

versus v1/2 gives the extrapolated total charge (qtotal), which is calculated to be 130 mAh g-1 (e). 

Using the relationship qtotal = qcapactive +  qdiffusion we can conclude that our qdiffusion is 34 mAh g-

1. The ratio of the capacitive charge storage to the total charge storage is 74%. Capacitive and 

diffusion controlled charge storage contributions for mp-MoS2 cycled in a Na-electrolyte at 1 

mV s-1 can also be calculated using the method described in equation 3 (f). The capacitive 

contributions is 82% and is denoted by the shaded grey region; these results are thus in good 

agreement with the Trasatti analysis. 
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pseudocapacitive energy storage. The 10 nm pore walls provide short ion diffusion pathlengths, 

while the pore-voids allow good electrolyte accessibility to the electrochemically active walls. 

During the preliminary conditioning cycles, the semiconducting 2H-phase of MoS2 is converted 

into the metallic 1T-phase of MoS2 through intercalation of alkali metals. This transition was 

confirmed using AC impedance spectroscopy, electron diffraction, Raman spectroscopy, and XPS. 

Using current sensing AFM, we report a dramatic increase in conductivity as a result of the 

structural transition. The increased electronic conduction is only amplified in this 3-D porous 

geometry because the MoS2 grains are interconnected. Ex-situ GISAX and TEM confirm that the 

electrochemically formed 1T phase possessed the same mesoscale structure as the as-synthesized 

parent 2H-MoS2 material. Synchrotron based GIWAX was used to analyze the texture of the MoS2 

crystal structure and revealed that the (002) planes are oriented parallel to the substrate. This 

orientation leads to a high degree of MoS2 edge sites that form the interior of the pore walls and 

are in direct contact with the electrolyte.  

The combination of these structural factors leads to the extremely fast kinetics. For Li-ions, 

over 80% of the theoretical capacity can be accessed in only 20 seconds which is consistent with 

the analysis indicating that a high percentage of the charge storage is capacitor-like.  Moreover, 

the cycling performance is extremely good as the capacity decrease over 10,000 cycles is only 

13%.  The charge storage properties for the larger Na-ions are also quite respectable.  For this ion, 

about 50% of the theoretical capacity is stored on the 20 second time frame, and here, too, most of 

the charge storage is capacitor-like.  Overall, we have demonstrated that mp-MoS2 is a versatile 

ion storage host that is capable of achieving fast kinetics and good cycling performance. We 

foresee that these unique structural properties may eventually give rise to possible 
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pseudocapacitive storage with an even larger library of guests, including higher valent ions such 

as Ca2+ and Mg2+. 

4.4. Experimental 

4.4.1 Materials 

The following materials were obtained from commercial suppliers and used without further 

purification: molybdenum (V) chloride (99.6% metal basis, Alfa Aesar), poly(butylene oxide)-

block-poly(ethylene oxide) (PBO(5000)-b-PEO(6500), Mn = 11500, PDI=1.06-1.15, Advanced 

Polymer Materials Inc). 

4.4.2 Synthesis of MoO2 

In a typical synthesis, 0.015 g PEO-b-PBO was first dissolved in 2 mL ethanol. Then 0.2 g MoCl5 

was added. The resulting solution was stirred for 2 h prior to film deposition. Thin films were 

deposited via dip-coating on polar substrates such as silicon and platinum coated Si (3 nm Ti-150 

nm Pt- 360 nm SiO2- Si). Optimal conditions included 4% relative humidity and a constant 

withdrawal rate of 3 mm/s. The films were aged at 180 °C for 12 h prior to template removal to 

prevent loss of mesoscale order during the course of the thermal template degradation and 

crystallization. Films were calcined using a 1 °C/min ramp to 350 °C in a 5%/95% H2/N2 reducing 

atmosphere to yield the crystalline, porous MoO2.  

4.4.3 Synthesis of MoS2 

The (above) as synthesized MoO2 thin-films were converted to MoS2 through a solid-gas reaction 

with H2S gas. The reaction was carried out in a tube furnace at 500°C under flowing H2S/H2 (H2S 
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5 mol % : H2 95 mol %, Air Gas) for 3 hours. A low gas flow rate of 30 mlmin-1 was used to 

minimize thermal gradients across the films. The system was cooled, under H2S/H2 flow, at 2 - 4°C 

min-1 until 120°C at which point the flow gas was changed to argon, which was used until the 

system reached room temperature. The samples were exposed to air for ~ 30-60 min before being 

transferred and stored in a glove box. 

4.4.4 GISAX and GIWAX synchrotron measurement   

Two-dimensional GISAX and GIWAX data were collected at the Stanford Synchrotron 

Lightsource (SSRL) using beamlines 1-4 and 11-3, respectively. Beamline 1-4 was operated at 

8.344 KeV using the Rayonix-165 CCD detector. Beamline 11-3 was operated at 12.735 KeV using 

a MAR345 imaging plate (345 mm diameter). 

4.4.5 Porosimetry 

Ellipsometric porosimetry was performed on a PS-1100 instrument from Semilab using toluene as 

the adsorbate. A UV-visible CCD detector adapted to a grating spectrograph analyzes the signal 

reflected by the sample. The light source is a 75 W Hamamatsu Xenon lamp and measurements 

were performed in the spectral range from 1.25–4.5 eV. Data analysis was performed using the 

associated Spectroscopic Ellipsometry Analyzer software with the assumption of cylindrical pores.  

4.4.6 XPS 

XPS analysis was performed using a Kratos Axis Ultra DLD with a monochromatic Al (Kα) 

radiation source. The charge neutralizer filament was used to control charging of the sample, a 20 

eV pass energy was used with a 0.05 eV step size, and scans were calibrated using the C 1s peak 

shifted to 284.8 eV. The integrated area of the peaks was found using the CasaXPS software, and 
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atomic ratios were also found using this software. The atomic sensitivity factors used were from 

the Kratos library within the Casa software. 

4.4.7 Raman 

Raman spectra were obtained using a Renishaw InVia micro-Raman spectrometer equipped with 

an 1800 lines mm-1 grating, Rayleigh line rejection edge filter, Peltier-cooled deep depletion CCD 

array detector (576 x 384 pixels). The excitation source used to acquire the spectra was a 514 nm 

line from an argon ion laser (25 mW) and a 63x/1.2NA water-immersion objective was used to 

produce a spot size of approximately 1 μm on the sample. 

4.4.8 TEM 

Transmission electron microscopy (TEM) was performed using a FEI Technai T12 operating at 

120 kV. HRTEM micrographs were collected using an FEI Titan S/TEM operating at 300 kV in 

transmission mode. Selected area electron diffraction (SAED) patterns were collected on the same 

instrument in diffraction mode operating at 300 kV with a selected area aperature at 50 μm. 

4.4.9 AFM 

Atomic Force Microscopy (AFM) was carried out in the conductive (cAFM) mode using the 

Nanoscope V Dimension Icon equipped with the Extended TUNA applications module (Bruker) 

in ambient conditions. Local I-V spectroscopy employed Pt coated silicon cantilevers (OSCM-PT-

R3, Bruker) with nominal spring constants of 2 N/m, probe resistance of 350 Ohms, and nominal 

tip radii of 15 nm in contact mode. The bias voltage was applied to the sample with respect to a 

virtually grounded cAFM probe tip. Bias voltage sweeps were carried out at rate of 1 V s-1 over 

the range of interest while maintaining a constant applied force throughout by means of the 
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feedback loop. A minimum applied force was used so as to reduce sample perturbation during the 

measurement. The I-V characteristics were stable with repeated positive and negative bias sweeps. 

4.4.10 Electrochemistry 

The as prepared mp-MoS2 thin films on Pt-coated silicon substrates were used as working 

electrodes.  Electrochemical measurements of these thin film electrodes in both lithium and sodium 

electrolytes were carried out in a three-electrode cell. The lithium ion electrochemistry was carried 

out in 1M LiClO4 in propylene carbonate with lithium foils used as a counter and reference 

electrode. The mp-MoS2 thin films were cycled 100 times between 0.8 to 3.0 V (vs. Li/Li+) to 

complete the phase transition to the 1T phase, and then a voltage window between 1.0 to 3.0 V 

(vs. Li/Li+) was used to investigate the capacity and kinetics of mp-MoS2 using an Arbin BT-2000. 

The films were cycled in galvanostatic mode for the cyclability test with Li. The sodium ion 

electrochemistry was carried out in 1M NaClO4 in propylene carbonate, and sodium foils were 

used as a counter and reference electrode. Cyclic voltammetry was performed between 0.55 to 2.7 

V (vs. Na/Na+) using a PAR EG&G 273A potentiostat. The mp-MoS2 was cycled 20 times at 1 

mV/s in order to complete the phase change to the 1T phase followed by the kinetic analysis and 

capacity measurement. All tests were performed in an argon or nitrogen filled glovebox. 

Electrochemical impedance spectroscopy was carried out on a VSP potentiostat/galvanostat (Bio-

Logic). The impedance measurements were performed between 900 kHz and 100 mHz using a 10 

mV amplitude and no bias. Impedance data was collected at 1V vs. Li/Li+ after each insertion and 

deinsertion cycle. A 5 minute potentiostatic hold was applied before each impedance measurement 

to stabilize the voltage. 
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4.4.11 Inductively coupled plasma atomic emission spectroscopy (ICP-OES) for thin film 

mass determination 

After electrochemical cycling in either Li or Na electrolytes, the mp-MoS2 thin films were 

dissolved in aqua regia (nitric acid:hydrochloric acid = 1:3) for 30 minutes. The samples were 

analyzed with a PerkinElmer Optima 7000DV using a GemTip Cross-Flow nebulizer. The 

calculated areal loading from several films is 36 μg.cm-2 ± 1μg.cm-2, which is used for the 

determination of the mass normalized capacities in this report.  
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CHAPTER 5 

Pseudocapacitive Charge Storage in Thick MoS2 Nanocrystal Electrodes 

5.1 Introduction 

Fast charging batteries are highly desired for portable electronics, electric vehicles, and 

regenerative energy storage. Traditional Li-ion batteries offer high energy density storage by 

utilizing reversible redox reactions, but slow ionic diffusion leads to long charging times (~1 - 10 

hours).1 Electrochemical capacitors, such as electrochemical double layer capacitors (ELDCs), 

offer some advantages over batteries, including fast charging times (<1 minute) and long lifetimes 

(>500,000 cycles).2 However, ELDCs have low energy densities (5-10 Wh/kg) compared to 

batteries (100-250 Wh/kg), since they do not involve redox reactions.3  

Pseudocapacitors are another type of electrochemical capacitor that have the potential to 

combine the attractive high energy density storage of batteries with the fast rates of ELDCs.4,5 

Pseudocapacitance was originally described by Conway who identified faradaic mechanisms that 

can result in capacitive electrochemical features. The most useful of these for energy storage are 

redox pseudocapacitance and intercalation pseudocapacitance. 6,7 Redox pseudocapacitance 

occurs when a Faradaic charge transfer process take place at or near the surface of a material, 

accompanied by adsorption of charge balancing ions.8–14 Conway originally described the 

pseudocapcitive mechanism to also include lithium intercalation into layered host materials,6 but 

the majority of the work published in this field focuses on the surface redox-based electrochemical 

reactions of ultra-high surface area materials like RuO2,
8–12 and  MnO2.

14 This bias toward 

materials showing surface pseudocapcitance has led to intercalation pseudocapcitance (another 

distinguishable pseudocapacitive mechanism) being dismissed or confused in some cases with 
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traditional battery reactions.  However, several papers clearly distinguish key differences between 

intercalation pseudocapcitance and battery-like reactions.15–19 Intercalation pseudocapacitance is 

similar to familiar battery-type intercalation, but unlike traditional battery materials, the charge 

storage mechanism and electrochemical response is not dominated by diffusion limitations. 

Another key feature that distinguishes intercalation pseudocapacitnce from traditional 

intercalation reactions is that these materials do not undergo phase transitions in association with 

charge storage.18,19   

The electrochemistry of ruthenium oxide in acidic solutions exhibits classic surface redox 

pseudocapacitance, and has been studied for over 30 years because of its relatively high areal 

capacitances, high proton conductivity and high electronic conductivity. 8–10,12 However, the high 

cost of ruthenium has led groups to develop materials based on less expensive transition metals. 

We have developed pseudocapacitive oxide based nanostructures such as MoO2,
18 MoO3,

16,20 and 

Nb2O5
17,20–22 As mentioned above, pseudocapacitive charge storage is distinguishable from 

diffusion dominated charge storage, and as a result, the characteristic electrochemical signatures 

are markedly different.4,7,23 For example, the galvanostatic charge and discharge curves of 

pseudocapacitors are typically pseudo-linear with respect to intercalant concentration; compared 

to batteries, which show plateaus.24,25 Since intercalant diffusion does not dominate the charge 

storage in pseudocapacitors, the energy hysteresis between guest-ion insertion and deinsertion is 

typically small, which can be seen as a small peak separation in a cyclic voltammagram. 17,20–22 

These properties lead to two key technologically relevant properties of pseudocapacitors: (1) The 

majority of the theoretical capacity can be accessed within minutes to seconds.  (2) The reactions 

are highly reversible leading to low parasitic heat generation and long cycle lifetimes.  
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Much of the work on pseudocapacitors has focused on transition oxide based materials, but 

metal sulfides are attractive pseudocapacitive materials because the interaction between the guest 

ion (Li+, for example), and the sulfide lattice should be weakened compared to oxides. In support 

of those ideas, we have recently demonstrated high levels of pseudocapacitive charge storage in 

two transition metal sulfides namely TiS2 nanoplatelets, 19 and mesoporous MoS2 thin films.26 

MoS2 is a particularly attractive pseudocapacitive electrode material because its large van der Walls 

gaps of 6.2 Å in micrometer sized samples increase up to 6.9 Å in nanostructured samples. 27,28  

MoS2 also has a second advantage, which is that lithium insertion into the semi-conducting 2H 

phase of MoS2 induces a phase transition to the metallic 1T phase of MoS2, which is significantly 

more electronically conductive. 29–32 The thermodynamically stable phase 2H phase of MoS2 

consists of sulfur atoms coordinated in a trigonal prismatic arrangement around the metal, while 

in the 1T phase, the atoms conform to an octahedral arrangement around the metal center.33 The 

physical rearrangement of the molybdenum coordination environment induces a change in the 

electronic structure of the MoS2, leading to metallic conductivity.30 In agreement with this idea, 

our group has recently used conductive atomic force microscopy to demonstrate that ordered 

mesoporous 1T-MoS2 thin films are significantly more conductive than the 2H form.26 It was also 

recently reported that 10 nm thick exfoliated 1T-MoS2 has a low sheet resistance (2 kΩ/sq),34 

corresponding to a calculated bulk conductivity of ~500 S/cm.  In hydrogen evolution applications 

the intrinsically high electronic conductivity of 1T-MoS2 is able to decrease the overpotential 

required for hydrogen evolution.35 However, the high electronic conductivity of MoS2 has not been 

fully leveraged in Li-ion battery applications because many studies have focused on high capacity 

conversion reaction of MoS2, which interrupt the metallic 1T form of MoS2. 
28,36–45 Additionally, 

the capacity change on cycling for the conversion reaction limits lifetimes to ~100-300 cycles. 46 
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We note that Li+ intercalation in MoS2 is not a new idea. 47–49  MoS2 was seriously considered 

as a commercial secondary battery in the 1980’s because the reversibility is extremely favorable 

when the lithium concentration in MoS2 is limited to 1 mole, 50–52 usually by limiting the lower 

cut-off voltage window to above 0.8 V vs. Li/Li+.53 In our previous paper, we demonstrated that 

mesoporous MoS2 thin films exhibited high levels of pseudocapacitive charge storage, 

emphasizing the promise of this materials system as a fast charging, high power, long lifetime 

material.26 That study motivated us to see if those observations were limited to thin films, or if 

those exciting properties could be recreated in thick film composite electrodes, as we have done 

here. 

MoS2 can be synthesized using a variety of different techniques. Monodispersed 5 nm MoS2 

nanocrystals can be synthesized directly by low temperature colloidal synthesis methods.54 The 

hydrothermal method is another versatile technique, which has been used to synthesize a variety 

of nanostructured MoS2 architectures.28,55 However, both of these methods typically lead to very 

disordered crystal structures.  The energy and power density of pseudocapacitive materials are, to 

a high degree, dependent on the crystallinity.56 Therefore, in this work, we use a two-step process, 

first creating MoO2 nanocrystals as a precursor using straightforward hydrothermal methods, and 

then converting those MoO2 nanocrystals to MoS2 nanocrystals.  This two-step process enables 

precise control of both the nanoscale architecture and atomic-scale crystallinity. The synthesis 

method is versatile, and should be applicable to other nanoscale architectures such as wires, belts, 

and a broad range of porous architectures. Here we specifically use thermal sulfurization in H2S 

to convert the MoO2 to MoS2, which preserves the carefully constructed nanoscale architecture 

formed from the solvothermal reaction.43,57–60 This oxide-to-sulfide conversion is typically 

achieved above 600°C, which can lead to well crystalized MoS2 with good preservation of the 
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preformed nanoscale architecture.55 It is worth noting that sulfur vapor can also be used instead of 

H2S to convert molybdenum oxides to MoS2.
61 Extensive discussion on the various methods used 

to synthesize MoS2 can be found in several recent reviews.46,62–64 

Commercial electrodes for Li-ion batteries are required to have high active material volumetric 

loadings to maximize the energy density of the cell. In order for this requirement to be satisfied in 

pseudocapacitive based composite electrodes, close attention also needs to be paid to the electrode 

architecture. The three main components that form a composite electrode are the active material, 

the conductive additive, and the non-conductive polymeric binder. Optimization of these 

parameters strongly influences the energy density and power density of the final electrode.65,66 

Furthermore, nanoparticle active material tends to agglomerate, making them difficult to disperse 

homogeneously within the electrode matrix.67,68 This random agglomeration results in 

electronically resistive inter-particle electrical contact, ultimately leading to poor power density 

due to inhomogeneous current gradients. Therefore, even if a material shows basic 

pseudocapacitive responses, the characteristic charge/discharge rates cannot be realized if the 

electrode architecture is not optimized for pseudocapacitive charge storage. Porous electrode 

architectures, which are highly electronically conductive, represents an effective design strategy 

to maintain the fast rates inherent to pseudocapacitive active materials.  

In this study, we combine all of these ideas to synthesize MoS2 nanocrystals with an expanded 

layer spacing for use as high rate and long lifetime energy storage materials. The nanocrystals are 

fabricated into carbon fiber based electrode architectures, and the electrodes show extremely fast 

charging and discharging kinetics along with long cycling lifetimes. We further utilize pre-cycling 

steps to convert the 2H phase into the highly conductive 1T phase, which then synergistically 

couples to the highly conductive carbon fiber mesh electrode architecture. Detailed 
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electrochemical kinetic analyses performed on the nanocrystal based electrodes are used to 

quantify the amount of capacitive charge storage. These values can then be compared to electrodes 

containing micrometer size MoS2 to fully establish advantages of the MoS2 nanocrystal containing 

composite electrodes.  

5.2 Results and Discussion 

5.2.1 Materials and characterization 

The MoS2 nanocrystals (nc-MoS2) studied in this report were synthesized by the 

sulfurization of hydrothermally prepared MoO2 nanocrystals. The X-ray diffraction (XRD) 

patterns of bulk MoS2 (b-MoS2) and nc-MoS2 match JCPDS No. 37-1492 (Figure 5.1a). The c-axis 

lattice parameter is expanded in the nanoparticles to 6.30Å, compared to 6.15Å for the bulk 

sample, in agreement with previous reports for nano-size MoS2 (aluminum foil was used as in 

internal reference). 27,28 Furthermore, significant XRD peak broadening is observed for the nc-

MoS2 due to both finite size effects and lattice defects. The domain size calculated from the 

Scherrer equation is 7 nm, which is smaller than the primary particle size observed from the 

scanning electron microscopy (SEM) and transmission electron microscopy images (TEM) in 

Figure 5.1 b and 5.1 c, respectively. This difference in the calculated Scherrer size versus observed 

size clearly indicates that the XRD peak broadening is due to a combination of finite size effects 

and lattice disorder. In agreement with this idea, defects and curvature of the MoS2 layers can be 

clearly seen in the high resolution TEM images (Figure 5.1 d and 5.1 e).  

Beyond the optimal primary particle size and lattice structure, Figure 5.1b further shows 

that in bulk form, the nanocrystals aggregated into a nearly ideal interconnected porous network.  

The surface area and pore sizes in that network can be characterized using nitrogen porosimetry.  
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The surface area for both b-MoS2 (2 m2g-1) and nc-MoS2 (35 m2g-1) was calculated from the 

nitrogen adsorption isotherms shown in Figure 5.2 a using the Brauner-Emmett-Teller (BET) 

method.69 The surface area of the nc-MoS2 is almost twenty-times larger than b-MoS2, and leads 

to a higher density of redox active surface sites for pseudocapacitive charge storage.  This is 

coupled to short intra-grain diffusion distance, which favor intercalation-pseudocapacitance. The 

pore size distribution shown in Figure 5.2 b was calculated using the Barrett-Joyner-Halenda (BJH) 

method,70 and was used to characterize the pores that are created in the nc-MoS2 by adhesion of 

the nanocrystals to each other.  The pore size distribution is remarkably narrow for a material 

formed by random nanocrystal agglomeration, and the pore diameter 25 nm is well suited to allow 

facile electrolyte diffusion into the nanoparticle aggregates. 

 

Figure 5.1. X-ray diffraction of b-MoS2 and nc-MoS2 shows that both materials crystalize 

in the 2H hexagonal crystal structure (JCPDS 037-1492) (a).  The nc-MoS2 shows 

significant peak broadening, however, which we assign to both finite size effects and lattice 

disorder. Scanning electron microscope image of nc-MoS2 show a network of agglomerated 

nanocrystals (b). Transmission electron microscope images of dispersed nc-MoS2 show 

sub-50 nanometer primary particles (c-e). Significant defects are observed and are believed 

to be at least partly responsible for the facile ion insertion into the bulk of the nanocrystal. 

10 20 30 40 50 60 70

 I
n

te
n

s
it
y
 (

a
.u

.)

2Cu K(deg.)

Bulk

Nano

a)

20 nm100 nm

10 nm 10 nm

b) c)

d) e)



113 

 

The chemical surface properties of b-MoS2 and nc-MoS2 were examined using X-ray 

photoelectron spectroscopy (XPS), as shown in Figure 5.3. These high resolution spectra can be 

fit with a single oxidation state for both Mo and S, corresponding to the Mo4+ and S2- valence 

states. The peak area ratio between these two elements further yield a Mo:S = 1.05:2.00 

 

Figure 5.2. Nitrogen isotherm of both b-MoS2 and nc-MoS2 (a). The calculated surface area for 

nc-MoS2 is 35m2g-1
 while the bulk is 2 m2g-1. This 17.5-fold increase in surface area, in part, 

leads to the pseudocapacitive charge storage mechanism. BJH pore size distribution calculated 

from the adsorption isotherm in part (a) for nc-MoS2 (b). The porosity shown in the BJH 

distribution arises from adhesion of the nanocrystals to each other, which creates pores. 
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stoichiometry ratio for both samples. Since the surface chemistry is identical in bulk and nano-

sized samples, strong conclusions can be drawn about the effect of size, surface area, and atomic 

disorder on the enhanced electrochemical performance in the nano-sized materials. 

 

 

Figure 5.3. X-ray photoelectron spectroscopy of b-MoS2 (a, b) and nc-MoS2 (c, d). The data 

can be well fit with a single 4+ oxidation state for Mo and a 2- oxidation state for S.  The 

elemental stoichiometry calculated from the data is 1.05:2.00, Mo:S.  These data thus show 

that the surface of the nc-MoS2 is the same as the commercial bulk powder, and both surfaces 

are consistent with bulk MoS2. 
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5.2.2 Electrochemistry 

The reversible lithium insertion and deinsertion process for MoS2 is represented by the 

following equation: 

MoS2 + xLi+ + xe-  ↔ LixMoS2  where:  0� ≤ 𝑥 ≤ 1         Equation 1 

 

 

Figure 5.4. Derivative of the galvanostatic charge discharge plot dQ/dV of the first 10 cycles 

of nc-MoS2 (a), and b-MoS2 (c) showing the irreversible phase transition and subsequent 

formation of the highly electronically conducting 1T-MoS2 phase. dQ/dV of cycles 2 - 9 of nc-

MoS2 (b), and b-MoS2 (d) which shows that the 2H –to – 1T phase change occurs over 10 

cycles, while in b-MoS2 the phase change has occurred after the second cycle. Charge transfer 

resistance of b-MoS2 and nc-MoS2 based electrodes during the first 10 formation cycles 

calculated from the corresponding Nyquist plots. Impedance collected at 3V vs. Li/Li+ (green), 

and 0.8 V vs. Li/Li+ (black) (e). Atomic representation of the 2H-to-1T phase transformation. 

This transformation only involves a small shift in the easily polarized sulfur layer, which is 

non-destructive to the nanoscale structure (f).  

0 2 4 6 8 10
0

20

40

60

80

100

120

R
c
t (


)

Cycle number (n)

1.0 1.5 2.0 2.5 3.0

-2.0

-1.5

-1.0

-0.5

0.0

d
Q

/d
V

 (
a
.u

.)

Potential (V vs. Li/Li
+
)

1.0 1.5 2.0 2.5 3.0

-2.0

-1.5

-1.0

-0.5

0.0

d
Q

/d
V

 (
a
.u

.)

Potential (V vs. Li/Li
+
)

Trigonal 
prismatic

(2H) 

Octahedral
(1T)

1.0 1.5 2.0 2.5 3.0
-0.3

-0.2

-0.1

0.0

0.1

0.2

0.3

d
Q

/d
V

 (
a

.u
.)

Potential (V vs. Li/Li
+
)

1.0 1.5 2.0 2.5 3.0
-0.15

-0.10

-0.05

0.00

0.05

0.10

0.15

d
Q

/d
V

 (
a

.u
.)

Potential (V vs. Li/Li
+
)

a)

b)

c)

d) f)

B-MoS2

ncs-MoS2

e)

Nano MoS2

Nano MoS2

Bulk MoS2

Bulk MoS2



116 

Intercalation of Li-ions proceeds through the weakly bonded van der Walls gaps of MoS2. 

46,71 The lithium ion binding energy is higher for adsorption into the octahedral interstitials 

compared to the tetrahedral interstitials, and hence is preferentially stored in the octahedral sites 

between sulfur layers.72 Below x = 0.1 in LixMoS2 intercalation into the 2H-MoS2 occurs without 

much change to the initial atomic lattice structure.73 However, increasing the concentration of Li 

between the range 0.1 < x < 1 causes an advantageous irreversible phase change from the 

semiconducting 2H phase to the metallic 1T phase at ca. 1.0 V vs. Li/Li+.30,74 This phase change 

does not involve a significant structural rearrangement, but instead is accomplished by a glide 

process of the highly polarizable sulfur layers with respect to the molybdenum plane. 75  

Figure 5.4 shows dQ/dV plots of the first ten activation cycles at 1C of b-MoS2 and nc-

MoS2 (carbon fiber based electrodes). The 2H-to-1T phase transition is observed electrochemically 

as the large differential charge response at ca. 1.2 V vs. Li/Li+ in Figures 5.4 a and c. Figures 5.4 

b and 4 d show the same data with cycle 1 omitted (cycles 2 – 10), so that the evolution of lower 

intensity peaks can be more easily observed.  The data clearly demonstrate the nc-MoS2 electrodes 

require multiple cycles to convert to the 1T phase while b-MoS2 is rapidly converted just after 2 

cycles. This type of behavior is often seen in nanocrystal based phase transitions where many 

isolated nucleation events are needed to fully transform a sample.76 During the ten formation cycles 

at 1C, new cathodic and anodic peaks develop, and correspond to the lithiation / delithiation of the 

electronically conductive MoS2 1T phase.77  

Electrochemical impedance spectroscopy was then used to characterize changes in 

conductivity as a function of pre-cycling.  Figure 5.4 e shows the charge transfer resistance of both 

nc-MoS2 and b-MoS2, which was obtained from their respective Nyquist plots. The circuit model 

used to fit our data has been used to fit the impedance spectra of hydrous RuO2, another 
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pseudocapacitive material.10 During the formation cycles (0.8 V – 3.0 V vs. Li/Li+), the charge 

transfer resistance is reduced by the 2H-to-1T phase change, and increased by the formation of the 

solid electrolyte interphase (SEI). The net result for both nc-MoS2 and b-MoS2 is that the charge 

transfer resistance increases during the first two cycles mainly due to SEI formation, followed by 

a gradual decay during the next eight cycles mainly due to the formation of the electronically 

conductive 1T phase.  

 

Figure 5.5. Galvanostatic kinetic analysis comparing nc-MoS2 electrodes made using carbon 

fibers and mixed using sonication (green), and electrodes made using only carbon black and 

mixed using a traditional mortar and pestle (red) (a). Charge transfer resistance of nc-MoS2 / 

carbon fiber based electrodes (green), and nc-MoS2 / carbon black based electrodes (red) during 

the first 10 formation cycles calculated from Nyquist plots collected at 0.8 V vs. Li/Li+ (b). The 

charge transfer in the carbon fiber based electrode is both lower in absolute value, and decreases 

with cycle number because the newly formed 1T MoS2 is electronically well connected to the 

electrode architecture. By contrast, the charge transfer resistance in the traditional carbon black 

based electrodes monotonically increases, likely due to SEI formation. Backscatter electron 

images of the carbon fiber based electrode (c) and carbon black only electrode (d). The 

brightness in backscattered images is related to the atomic Z number, so the dark-regions are 

carbon rich and the light-regions are MoS2 rich. 
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Electrode architectures for high rate pseudocapacitive charge storage were optimized in 

order to maximize the properties of the electronically conductive MoS2 1T phase. One effective 

way to achieve highly conductive and porous electrodes, is to utilize carbon fibers. This electrode 

configuration was used previously for silicon and FeSn based composite electrodes, which 

demonstrated that the shape anisotropy of the carbon fibers leads to a highly porous mesh that 

extends from the current collector throughout the electrode.78,79 In this work, the electrode 

components are sonicated together in ethanol to disperse the nanocrystals homogeneously with the 

carbon fibers and carbon black, which upon drying lead to a highly conductive and porous 

electrode. We chose to use a poly(acrylic acid) binder since it has demonstrated high rate 

performance in other systems.8081  SEM images of these electrodes are shown in Figure 5.5c, which 

demonstrate that the carbon fiber based electrodes consist of a mesh-type network that appears to 

be macroporous. A traditional electrode formulation of polyvinylidene fluoride binder and carbon 

black was used as a comparative baseline to understand the synergy between the electrode 

architecture / composition and the pseudocapcitive active material (Figure 5.5d).  

The kinetic performance of nc-MoS2 is shown for these two different electrode 

formulations in Figure 5.5 a. The nc-MoS2 active material in the carbon fiber based electrodes 

show much better kinetic performance compared to the traditional electrodes. We believe that both 

particle dispersion and electronic conductivity are dominating factors leading to the superior 

performance. The traditional electrodes were mixed by hand with mortar and pestle, and the final 

composite electrode probably suffers from poor nanoparticle dispersion since nanoparticles tend 

to agglomerate. In contrast, the carbon fiber based electrodes were mixed using sonication and 

show extremely good kinetic performance. Sonication assisted mixing homogeneously distributes 
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the nanocrystals throughout the electrode, 82 enabling 

synergistic coupling between the nc-MoS2 1T-

conductive phase and the conductive carbon scaffold. 

It has previously been shown that improving 

dispersion in nanocrystal based electrodes can 

produce markedly better rate performance compared 

to traditional electrodes.67  

In order to further understand the disparity in 

kinetics between the two different electrode 

formulations, we also performed electrochemical 

impedance spectroscopy on the carbon black based 

nc-MoS2 electrodes. We found that the pristine 

charge transfer resistance is significantly higher in 

the carbon black based electrode architecture 

compared to the carbon fiber based electrode 

architecture. Furthermore, the charge transfer 

resistance of the carbon black based electrodes 

increase over the first ten activation cycles in stark 

contrast to the decrease in charge transfer resistance 

of the carbon fiber based electrodes over the same 

interval (Figure 5.5 b). This data suggests that the 

improved rate kinetics in the carbon fiber based 

electrodes are a combination of the dispersed 

 
Figure 5.6. Galvanostatic kinetic 

analysis comparing b-MoS2 to the nc-

MoS2 in optimized carbon fiber based 

electrodes (a). The nanostructured 

material stores nearly four-times the 

charge at 100C compared to b-MoS2. 

Galvanostatic lithium insertion and 

deinsertion profiles at different current 

densities of b-MoS2 (b), and nc-MoS2 

(c). The galvanostatic traces for the nc-

MoS2 based electrodes are pseudo-

linear and are quite different from the 

standard plateaus observed for b-MoS2.  
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nanocrystals in the composite electrode, and the good electronic coupling of the nanocrystals to 

the carbon scaffolding. 

Using the optimized carbon fiber based electrode architecture enables the quantification of 

important metrics related to pseudocapacitors in a standard slurry-type electrode. We can now 

move on to compare these metrics between b-MoS2 and nc-MoS2 fabricated in the same electrode 

architecture to understand how nanostructuring affects the electrochemical properties. The kinetic 

analysis of the nc-MoS2 shown in Figure 5.6 shows markedly better rate performance compared 

to b-MoS2. The nc-MoS2 electrodes retain 50% of the original 1C capacity at 100C while the b-

MoS2 electrodes retain only 17%. Remarkably, these thicker film electrodes based on nc-MoS2 

store more than 90 mAh/g in less than 20 seconds. In order to compare these exciting results to 

other state of the art MoS2 based pseudocapacitors, we have aggregated important performance 

characteristics of non-conversion type reactions (including both intercalation and surface 

reactions) in (Table 1). At low current densities, the nc-MoS2 reported here delivers similar 

capacity to the best materials reported below.  Most materials reported in the table show current 

densities between 3-4 A/g as their fastest rates, and the nc-MoS2 reported here delivers 142 mAh/g 

at a current density of 3.3 A/g, a value two to four-fold higher than other materials included in the 

table. Even when nc-MoS2 is cycled at 16.7 A/g, the delivered capacity is still nearly double the 

capacities delivered by the other materials at a significantly lower current density. In our recent 

work on nanostructured MoS2 thin films, we found similarly fast kinetics,26 but what makes this 

report significant, is the ability to preserve those rates in thicker composite electrodes. This is 

enabled through the porous electrode morphology and coupling of the highly conductive 1T-MoS2 

nanocrystals to the composite electrode architecture.  
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The fast charge transfer kinetics in nc-MoS2 can also be understood by the physical charge 

storage mechanism of ions in the material. Figure 5.6 b shows the galvanostatic charge and 

discharge traces for b-MoS2 between 1C and 100C. These traces display the traditional stepped 

plateau features that are indicative of charge storage accompanied by a phase transition in a battery 

material. Structural studies have shown that indeed bulk 1T LixMoS2 undergoes multiple first order 

phase changes during Li-ion storage.77 Phase transformations are in part responsible for the 

sluggish kinetics in battery-type materials because the nucleation and propagation of new phases 

are typically slow. In contrast to b-MoS2, Figure 5.6 c shows galvanostatic traces for nc-MoS2 that 

display a pseudo-linear voltage response with respect to Li-ion concentration. This sloping 

response is a hallmark of pseudocapacitance, and is also indicative of a solid-solution storage 

mechanism where no phase change occurs to accommodate the lithiation.18,19 As described in the 

introduction, pseudocapacitance occurs whenever the charge (Q) depends on the change in 

Material type 
Guest 
ion 

Slow rate 
A/g, mAh/g 

Fast rate 
A/g, mAh/g 

Capacity 
retention 
cycles, % 
retention 

Reference 

nc-MoS
2
 Li

+
 0.167, 182 16.7, 91 3000, 81 this study 

Hydrothermal 
MoS

2
 

Li
+
 0.2, 200 3, 50 1400, 

83* 

47 

Fullerene 
type MoS

2
 Na

+
 

0.1, 160 4, 61 30, 47 49 

Exfoliated 
MoS

2  

(thin film) 
H

+
 

5 mV/s, 57
** 

(potentiostatic) 

100 mV/s, 49
** 

(potentiostatic) 

5000, 75 88 

 

Table 5.1. Gravimetric capacity of nanostructured MoS2 based half-cells. *The capacity 

increased from ~200 – 220 mAh/g over ~500 cycles, so we normalized the capacity retention 

by the maximum capacity value and not the initial capacity of 200 mAh/g.  ** The capacitance 

reported in this study was converted to capacity using the reported voltage window of 0.85V. 

The galvanostatic trace used to calculate the capacitance are nearly linear, so the relationship 

capacity = (capacitance  Voltage)/3.6 is an excellent approximation for this system. 
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potential (dE), yielding a capacitance (dQ=dE).3 Although these charge storage redox processes 

are Faradaic in nature, their phenomenological behavior, and response to experimental variables 

such as sweep rate, are those typical of capacitors. Generally, the dependency of the current 

response on the sweep rate in a cyclic voltammetry experiment can be utilized to distinguish the 

charge storage process according to Equation 2. 83,84 

i = avb                   Equation 2 

In the framework of this analysis, the measured current i is fit to a power law with scan rate v, 

the exponential term b can be determined from the slope of the log (i) vs. log (v) plot. Values of b 

= 0.5 indicate that the current is proportional to the square root of the scan rate, which is consistent 

with traditional diffusion dominated charge storage.83 On the other hand, when b = 1 the current is 

linearly proportional to the scan rate, which is characteristic of capacitor-like charge storage 

mechanism.83 Figure 5.7 shows several of the cyclic voltammagrams used to calculate the b-values 

at the current maxima in the anodic and cathodic regimes. The b-values that are calculated for b-

MoS2 are labeled on the CV plots next to the corresponding peaks used in their calculation.  The 

various peaks display values between 0.65 – 0.83. These values are indicative of a diffusion 

dominated charge storage mechanism, as expected for micrometer size MoS2.  The b-values for 

nc-MoS2 samples are generally much higher, and are found to be between 0.93-1.00, indicating 

that the dominant charge storage mechanism in the nanocrystal based electrodes is capacitor-like. 

The fast rate performance in nc-MoS2 is enabled by this capacitive-type charge storage mechanism, 

quantified using Equation 2.  
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Figure 5.7. Analysis of the charge storage in the current maxima for b-MoS2 (a) and nc-MoS2 

(b) using b-values calculated from Equation 2. This analysis shows that the Faradaic charge 

storage associated with the peak maxima in CV has a significant diffusion contribution in b-

MoS2, while this analysis shows that the same Faradaic processes are capacitive-like in nc-

MoS2. Quantification of the capacitive and diffusion charge storage in b-MoS2 (c) and nc-

MoS2 (d) as a function of voltage. This analysis indicates that the nc-MoS2 based electrodes 

store charge largely through a capacitive mechanism.  
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Another related analysis using cyclic voltammetry enables the measured current (i) at a 

fixed potential (V) to be quantitatively separated into a diffusion contribution and a capacitive 

contribution. 85 

 i(V) = k1v + k2v
0.5         Equation 3 

In Equation 3, k1v, and k2v
0.5 correspond to capacitive and diffusion contributions to the 

measured current, respectively, where v is the scan rate in mV/s. Equation 3 enables the capacitive 

charge storage at specific potentials to be quantified along with total capacitive contribution over 

the entire voltage range.  Figure 5.7 shows the results of this analysis for b-MoS2, and indicates 

that charge storage is largely diffusion controlled at current maxima in the cyclic voltammagrams, 

which is supported by the calculated peak current b-values calculated from Equation 2. The total 

integrated capacitive charge storage is about 60%, which indicates that the parent atomic structure 

of MoS2 is an extremely good candidate for pseudocapacitive charge storage. 

When we perform the same analysis on nc-MoS2, we find that over 80% of the charge 

storage is capacitive in nature. Furthermore, the capacitive current is significantly enhanced at the 

peak maxima voltages compared to b-MoS2, again in good agreement with the calculated b-values 

from Equation 2, which are close to 1 in all cases. The broad non-capacitive cathodic peak in 

Figure 5.7d ca. 1.6 – 1.1 V vs. Li/Li+ is attributed to the 2H-to-1T phase transformation.  Even 

though this phase transition was largely completed before running these CV scans, some slow CV 

scan rates were used for this analysis to compare the slower diffusion processes in b-MoS2 to the 

fast storage processes in nc-MoS2. However, it has been reported that the 1T MoS2 phase can 

convert back to the 2H phase at higher voltages,77 and this is apparently occurs in the nc-MoS2 

samples cycled at the slowest rates. As indicated in Figure 5.7d, the 2H-to-1T phase transition in 
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the nc-MoS2 is largely diffusion limited. We expect that even higher total capacitive contributions 

are possible by elimination of this phase transition by limiting the time that the nc-MoS2 electrode 

spends in the fully delithiated state (3.0 V).  

The origin of this fast capacitive charge storage mechanism in nc-MoS2 can be described 

through structural considerations. Much of the structural information available on the 

electrochemical phase stability of MoS2 has focused on the so called 2H (semiconductor with 

hexagonal symmetry) to 1T (metal with trigonal symmetry) transformation.30,31,35,74,86 Once this 

conversion is complete, the 1T-metallic MoS2 phase has been reported to undergo several first-

order phase transformations77 between 1 – 2.8 V vs. Li/Li+; therefore, the fast kinetics observed 

here raises a fundamental question about the underlying charge storage processes occurring with 

nc-MoS2 because these phase transitions should be slow. We have shown in both an oxide and 

sulfide based material system that phase transformation suppression is a hallmark of 

pseudocapacitive charge storage. 18,19 We thus postulate that similar effects are also occurring here. 

If charge storage kinetics are not limited by the nucleation and propagation of new phases, charge 

storage can proceeded directly through fast migration of ions through the weakly interacting 

sulfide lattice. The sloping voltage profiles observed in the galvanostatic measurements in Figure 

5.7 for nc-MoS2 electrodes strongly suggests that phase transitions are being suppressed here.  

High levels of capacitive charge storage are often associated with long cycle life, too, and 

this system is no exception. The cycling stability measured for b-MoS2 and nc-MoS2 is shown in 

Figure 5.8, and indicates capacity retention for both samples is above 80% after 3000 cycles at 

20C. The excellent cycling performance of the b-MoS2 and nc-MoS2 is mainly attributed to small 

structural changes (after the initial formation of the 1T phase) with a reported expansion in the c-

axis direction of only ~ 4-6%.73 The charge storage capacity in nc-MoS2 at 20C is nearly 70% 
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greater after 3000 cycles compared to b-MoS2 as a result of its superior charge transfer properties. 

Referring back to Table 1, the nc-MoS2 composite electrodes also cycle more reversibly than all of 

the intercalation based entries in the table as a result of the pseudocapacitive charge storage 

mechanism.   

While the half-cell experiments described above provide a clear picture of fundamental 

redox processes occurring in these MoS2 based electrodes, they do not fully demonstrate the 

potential of these materials in practical devices.  To this end, a final set of experiments were 

performed to assess the technological relevance of this new pseudocapacitive electrode. Hybrid 

lithium capacitor devices were fabricated using an activated carbon cathode and a nc-MoS2 anode. 

Activated carbon (AC) is a typical electrochemical capacitor material used in EDLCs for high rate 

applications, but the energy density is low compared to Faradaic storage processes because charge 

is stored only in the double layer of the electrode-electrolyte interface.2,3 Figure 5.9 a shows the 

hybrid lithium capacitor device made from a nc-MoS2 and AC electrode delivers 37 Wh/kg at slow 

 

Figure 5.8. Cycle lifetime of nc-MoS2 and b-MoS2 electrodes cycled at 20C. Cycle 1 reported 

here was started after the kinetic study (1C-100C) shown in figure 7. The long cycle lifetime 

and high capacity of the nc-MoS2 is correlated with the established pseudocapacitive charge 

storage mechanism. 
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rates. In comparison, symmetric AC devices cycled in a similar electrolyte and between a similar 

voltage window only delivers ~20 Wh/kg.87 The redox based charge storage mechanism found in 

the nc-MoS2 is responsible for producing a much higher energy density than the double layer 

charge storage of AC based devices. If an appropriate pseudocapacitive cathode was used instead 

of the AC, even higher energy density would be expected. The nc-MoS2 electrodes delivers a 

maximum power density of 5.3 kWkg-1 (6 Whkg-1), which is comparable to other hybrid lithium 

capacitors and even AC based EDLCs.87 Figure 5.9b further shows the excellent reversibility of 

the nc-MoS2 full cell, which can be cycled 8,000 times with little decay in the delivered energy. 

This data thus indicates that nc-MoS2 full cells overlap with the power density typically thought 

to be limited to double-layer type EC devices, while also overlapping with the energy density of 

some Li-battery materials. 

 

 
Figure 5.9. Average discharge energy density vs. average discharge power density for a full 

cell utilizing a nc-MoS2 anode and an activated carbon cathode (a). The voltage of this device 

operates between 0.4 – 3.2 V. Average discharge energy density vs. cycle number for an 

asymmetric nc-MoS2 / activated carbon full cell (b). The voltage of this device operates 

between 0 – 3.0 V. The fast kinetics and long lifetime is a result of the highly reversible 

pseudocapacitive charge storage mechanism. This data was mass normalized using the total 

active mass of both electrodes (~4 mg).  
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5.3 Conclusion 

We have successfully synthesized high surface area MoS2 nanocrystals with expanded van 

der Walls gaps, which show high levels of pseudocapacitive charge storage when built into a 

composite electrode. We have also demonstrated that the electrode architecture can be a 

dominating factor in the development of composite electrodes in pseudocapacitors. The high 

capacitive contribution measured for the nc-MoS2 based electrodes is due to the interplay between 

the nanoscale architecture of the active material and the composite electrode. The high surface area 

and expanded layer structure of nc-MoS2 enable fast faradaic reactions, which leads to charge 

storage that appears capacitive even though ion migration occurs over distances that normally 

would be limited by semi-infinite diffusion. We have shown that over 80% of the charge storage 

is capacitive in nanocrystal based electrodes, which enables over 90 mAh/g to be accessed in only 

20 seconds. Furthermore, the cycling stability of nc-MoS2 shows over 80% retention after 3000 

cycles as a result of the pseudocapacitive charge storage mechanism. Full cell devices utilizing an 

activated carbon cathode and an nc-MoS2 anode show extremely attractive charge storage behavior 

and little capacity fade after 8000 cycles. Moreover, the energy density of devices based on nc-

MoS2 could be almost doubled if a cathode with similar kinetic performance is developed.   

The results of this study highlight the importance of sulfide based pseudocapcitivive active 

charge storage materials. The large 2-D galleries of MoS2 and other metal chalcogenides make 

them of particular interest to the pseudocapcitive charge storage field. The next frontier will be 

developing new sulfide materials that enable intercalation pseudocapcitance over large length 

scales. This work also highlights the dire need for composite electrode architectures that are 

optimized for nanostructured pseudocapcitive active materials. The electrodes discussed in this 

work represent a significant accomplishment, but if practical devices are to be made from 
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pseudocapcitive materials like these, attention needs to be paid to the synergistic coupling of the 

active material and the composite electrode in order to move to even thicker composite electrodes. 

We hope this demonstration of attractive electrochemical properties in sulfide based 

pseudocapacitors will stimulate the exploration of other chalcogenide based materials.   

5.4 Experimental 

5.4.1 Synthesis 

All starting materials were obtained from commercial suppliers and used without further 

purification. The synthesis of nanosized-MoO2 has been reported elsewhere,18 and is briefly 

described here. MoO2 nanocrystals were prepared solvothermally by dissolving anhydrous MoCl5 

(Strem Chemicals) in a mixture of ethanol and deionized water at a reaction temperature of 180°C 

for 6 hrs. The MoO2 nanocrystals were converted to MoS2 with H2S gas. The reaction was carried 

out in a tube furnace at 600°C under flowing H2S/H2 (H2S 5 mol % : H2 95 mol %, Air Gas) for 

10 hours. A graphite boat was used to convert ~ 100 - 200 mg of MoO2 to MoS2. 

5.4.2 Characterization  

Powder X-ray diffraction (XRD) was performed in a PANalytical X’Pert Pro operating with Cu 

Kα (λ = 1.5418 Å) using a 0.03° step size,  a voltage of 45kV, and a current of 40mA. XRD patterns 

were recorded in the range of 10° < 2𝜃� < 80°. Transmission electron microscopy (TEM) was 

performed using an FEI Technai T12 operating at 120 kV. Nitrogen porosimetry was carried out 

using a Micromeritics TriStar II 3020. The surface area was calculated from the adsorption branch 

of the isotherm between (0.04 – 0.30 P/Po) using the Brunauer-Emmett-Teller (BET) model. The 

pore diameter and pore volume was also calculated from the adsorption branch of the isotherm 



130 

using the Barret-Joyner-Halenda (BJH) model. X-ray photoelectron spectroscopy (XPS) analysis 

was performed using a Kratos Axis Ultra DLD with a monochromatic Al (Kα) radiation source. 

The charge neutralizer filament was used to control charging of the sample, 20 eV pass energy was 

used with a 0.1 eV step size, and scans were calibrated using the C 1s peak shifted to 284.6 eV. 

The integrated area of the peaks was found using the CasaXPS software, and atomic ratios were 

also found using this software. The atomic sensitivity factors used were from the Kratos library 

within the Casa software. 

5.4.3 Electrochemistry 

The carbon fiber based electrodes were made from a slurry consisting of 70 wt.% nc-

MoS2 or b-MoS2 (Alfa Asear) powder used as the active component for Li storage, 10 wt.% 

vapor grown carbon fibers (Sigma Aldrich), 10 wt.% carbon black (Alfa Asear) used as 

conductive additive, and 10 wt.% polyacrylic acid (Mw=250K, Sigma Aldrich) used as 

binder.  The polyacrylic acid was used as a predissolved 5 wt.% solution in  200 proof 

ethanol and this liquid volume was increase xx-fold in the slurry by addition of more 200 

proof ethanol.  The four components were sonicated for 30 minutes to obtain a 

homogeneous dispersion. Ethanol evaporation over one hour resulted in a homogeneous 

thick paste that was cast onto 25 µm carbon coated Al foil (gift from Coveris) using doctor 

blading.  The slurry was dried at ambient temperature for 1 h, and further dried at 25°C 

under vacuum overnight to evaporate the excess solvent. The mass loading of the electrode 

was ~1 mg cm−2 of active material. The traditional electrode was made from a slurry 

consisting of 70 wt.% nc-MoS2, 20 wt.% carbon black (Alfa Asear), and 10 wt.% polyvinyl 

difluoride (gift from Kynar) dissolved in n-methyl-2-pyrrolidone (Alfa Asear). 

Components were mixed using a morter and pestil and again cast onto 25 µm carbon coated 
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Al foil using doctor blading. The electrodes were dried in a vacuum oven at 120°C 

overnight. The mass loading of all the electrode in this study were ~1 mg/cm2 of active 

material. These electrodes were assembled into in-house built SwageLoc cells using lithium 

metal as counter electrode, glass fiber (Watman) as separator, and 1 M LiPF6 in a 1:1 

ethylene carbonate/dimethylcarbonate solvent (Sigma Aldrich) with 5% (v/v) fluorinated 

ethylene carbonate (TCI America) as electrolyte. Half-cell cycling was carried out on a VSP 

potentiostat/galvanostat (Bio-Logic) using a 1C rate that corresponds to 167 mAh/g. 

5.4.4 Full Cells 

SwageLoc cells were used to cycle the full cells. Those devices were made with a nc-

MoS2 anode and an activated carbon cathode in a 1:5 active material ratio, respectively. 

The activated carbon electrodes were fabricated from YP50F activated carbon (85 wt%), 

carbon nanotubes (CNTs) (5 wt%), and polyvinylidene fluoride (PVDF) (10 wt%). These 

components were mixed in N-methyl-2-pyrrolidone (NMP) to form a homogeneous slurry, 

and cast onto a stainless steel sheet by doctor blading. The cast electrode sheet was dried 

in vacuum at 110°C for 12 hours. The electrodes were removed from the substrate to form 

free-standing electrodes with mass loadings of 4 - 6 mg/cm2. As with the half cells described 

above, the nc-MoS2 electrodes in all full cells were precycled ten times between 0.8 - 3.0 

V vs. Li/Li+ to drive the 2H-1T phase transition before the full cell device testing. The same 

electrolyte used in the half-cell testing was used for the full cell testing. The active mass of 

both electrodes was used to calculate the energy density and power density.  

5.4.5 Electrochemical impedance spectroscopy 
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Electrochemical impedance spectroscopy was carried out on a VSP 

potentiostat/galvanostat (Bio-Logic). The impedance measurements were performed on 

two-electrode coin cells between 900 kHz and 100 mHz using a 10 mV input under no bias. 

Impedance data was collected at the voltage limits of 0.8V and 3.0V vs. Li/Li+ after each 

insertion and deinsertion cycle. A 5 minute potentiostatic hold was applied before each 

impedance measurement during which time the current dropped from 200 mA/g to 20 

mA/g. The impedance spectra was fit using the Z fit plug-in available in EC-Lab V10.40 

(Bio-Logic). 
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CHAPTER 6 

High Performance Pseudocapacitor Based on 2D layered Metal Chalcogenide Nanocrystals 

 

6.1 Introduction 

The extraordinary properties of graphene have ignited renewed interest in other two-

dimentional (2D) layered materials including transition metal oxides (TMOs) and transition metal 

di-chalcogenides (TMDs)1-3. The latter have received considerable interest in monolayer and few-

layer forms as TMDs exhibit a wide range of interesting mechanical4, 5, catalytic6, 7, optical8-10, and 

electronic properties11, 12. In particular, a great deal of activity has been directed towards electronic 

and opto-electronic devices because the TMD family of materials can possess metallic, semi-

metallic, semiconducting and charge density wave behavior13 depending upon the chemistry and 

polytype of the compound.  

The present paper reports on the energy storage properties of few-layer TiS2 (2D-TiS2). The 

energy storage properties of TMDs as bulk materials were well investigated during the 1970’s. In 

fact, the first lithium-ion batteries brought to the pilot-plant stage used TiS2 as the positive 

electrode14. One reason for using TiS2 as an energy storage electrode is that it is the lightest of all 

the layered dichalcogenides 15-17. The energy storage mechanism for TiS2 is based on Li+ 

intercalation, which is controlled by both electron transfer and lithium ion diffusion into the host 

structure. A benefit of TiS2 is that it is a semimetal18, so no conductive additive was needed in the 

electrode structure, permitting a higher energy density. Another advantage is that TiS2 the same 

crystallographic symmetry over the entire composition range of LixTiS2 for 0 ≤ x ≤ 119. The lack 

of a discontinuous phase change enables all the lithium to be removed reversibly without need for 

two-phase coexistence and the nucleation of new phases, a process which often lead to sluggish 

reactions kinetics.  
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Another type of energy storage mechanism which emerged during the 1970’s was 

pseudocapacitance. In this case, reversible faradaic reactions lead to capacitor-like behavior20. 

These charge transfer reactions generally occur from ion adsorption or ion insertion at the surface 

or near-surface of the active material and lead to high levels of charge storage. The interest for 

such materials is the prospect of achieving high specific capacitance values (>1000 F g−1) 

associated with fast redox reactions, while preserving the good power capability and cycle life of 

traditional electrochemical capacitors21. Designing new pseudocapacitive materials is therefore a 

promising direction for energy storage research, as the prospect exists to achieve high energy 

density at discharge rates typical of capacitors (< 1 min).  

In the 1990’s, Conway suggested that TiS2 exhibited pseudocapacitive characteristics, but it 

was not clear whether the intercalation kinetics really differed significantly from bulk TiS2 
20, 22. 

One route to obtaining pseudocapacitive behavior is to decrease the particle size23. Thus, if TiS2 

materials can be scaled down to their most basic structural component of either a single layer or a 

few layers, it might be possible to circumvent the semi-infinite diffusion characteristics of the bulk 

material and achieve capacitive-controlled kinetics, leading to capacitor-like behavior. 

Nanostructuring TiS2  has been shown previously to enhance electrode performance16, but detailed 

work on the dimensionality has not been studied. 

Investigations of energy storage in monolayer and few-layer TMDs are at their inception24. 

MoS2 has received the most attention, as methods exist to prepare these materials by CVD or 

exfoliation25-29. Other TMDs30 reported recently include WS2
31, TaS2

32, ZrS2 
33and VS2

34, 35. A 

popular means of investigating these TMDs has been to prepare hybrid materials, in which the 

TMD is mixed with graphene or reduced graphene oxide to improve electron transfer properties. 

For the most part, these studies are directed at investigating TMDs as negative electrodes for Li-
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ion batteries. Only a limited number of studies have considered the supercapacitor properties of 

few-layer TMDs24, 34. While device performance was well-characterized, there was little 

information regarding the influence of the 2D morphology on charge storage kinetics or capacity.  

In the work presented here, we characterize the structural and electrochemical properties of 

few-layer 2D-TiS2 nanocrystals (2D-TiS2) and determine how their kinetics and charge storage 

mechanism compare to micron-sized TiS2 particles (“Bulk”, B-TiS2). The 2D morphology 

dominates the charge storage properties as it leads to a highly reversible, high rate, capacitive 

mechanism which is very different from that of bulk TiS2. The use of in-situ synchrotron XRD 

enables us to connect the novel electrochemical behavior in 2D-TiS2 to the structural changes 

occurring during electrochemical lithiation. 

6.2 Results and Discussion  

6.2.1 Synthesis and characterization 

2D-TiS2 nanocrystals were synthesized through a hot injection route which has been reported 

previously36. A benefit of this approach is that it can be used to control the size of TiS2 

nanocrystals. Briefly, 2D-TiS2 is prepared by injection of CS2 in a solution of TiCl4 and oleylamine 

at 300°C under N2 flow for 15 min of reaction time. TEM analysis reveals that 2D-TiS2 nanocrystal 

size can be adjusted by modifying the reaction conditions, producing TiS2 nanocrystals with 

average diameters Φ of approximately 50, 100 and 270 nm and thicknesses of 2-3, 4-5 and 7-10 

layers, respectively (Figure 6.1). The 2D-TiS2 nanocrystals are composed of (001) layers with an 

interplanar spacing of ~5.7 Å (Figure 6.1). Each layer of TiS2 is comprised of S−Ti−S triatomic 

layers corresponding to the 1T phase of TiS2. The hexagonal TiS2 phase is observed for both small 

2D-TiS2 nanocrystals as well as the corresponding bulk material (Figure 6.2). In agreement with 

TEM analysis, X-ray diffraction also indicates preferred crystal growth in the (hk0) directions, as 
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observed from the fact that the (110) diffraction peak shows both significantly greater intensity 

and narrower width than the (101) or (001) diffraction peaks. The electron diffraction patterns 

(Figure 6.2), also confirm these results. Crystallite sizes are related to the integral breadth β 

through the Scherrer equation (τ = �
𝜅𝜆

𝛽�𝑐𝑜𝑠𝜃
�). Here τ is the Scherrer size which is related to that 

actually crystallite size in a given direction by a shape parameter which is usually of order unity.  

These τ values are listed in Table 6.1. The ratio τ 110 / τ 101 indicate that the crystallites become 

thinner when their size decreases. Since the XRD size values (τ 110) are smaller than the size of the 

nanocrystals (ϕ TEM), this implies that the 2D-TiS2 nanocrystals are either polycrystalline or 

contain defects that limit the periodic domain size. 

 

Figure  6.1 (a) Schematic of anisotropic growth; (b) TEM images of TiS2   nanocrystals, 

with diameters Φ of 50 ±8 nm, 100 ±18nm (with electron diffraction pattern), 270 ±55nm 

(c,d) side view of TiS2  nanocrystals (50nm). 
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The growth mechanism for 2D-

TiS2 nanocrystals was also 

investigated. One of the reasons for 

the anisotropic growth is the large 

difference in surface energies 

between the various fascets of 1T 

structure – the (100) and (010) 

surfaces exhibit higher surface energy 

than the (001) surfaces36 (Figure 6.1 

a). One reason for the stability of the 

(001) surface is that the bonding 

between layers is relatively weak, and 

is controlled by van der Waals forces, 

not covalent bonding. The difference 

in surface energy for the various 

crystalline planes is further increased by the preference for the oleylamine ligand to stabilize the 

(001) facet of TiS2, which is rich in sulfur37, 38. As the reaction time increases, agglomeration and 

coalescence of TiS2 sheets occurs and results in both larger and thicker hexagonal 2D-nanocrystal 

(Figure 6.3). We expect epitaxial attachment to have a significant influence on the growth of 2D-

TiS2 polycrystalline nanocrystals39. The presence of oleylamine further controls the two-

dimensional nature of the epitaxial growth. 

 

 

 
Figure 6.2 XRD of 2D-TiS2 nanocrystals and B-TiS2 

particles show hexagonal crystallite structure (JCPDS 

card #74-1141). As thickness of 2D-TiS2 nanosheets 

decreases, the signal from (001) reflection is lost. For 

50 nm sample, a small excess of sulfur was found even 

after several washings. (b) The crystallinity of 100 nm 

and 270 nm 2D-TiS2 is confirmed by the electron 

diffraction pattern.  
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Table 6.1 Scherrer size parameters τ, calculated from the integral breadth β, for various lattice 

planes. These sizes can be related to the actual crystallite size in each lattice direction by a 

shape parameter which is of order unity.  All sizes from XRD are smaller than those obtained 

from TEM, as indicated by ϕTEM/�τ110, suggesting that individual domains are either 

polycrystalline or contains defects that limits the crystalline coherence length.  The decrease in 

the τ110/τ101 ratio also suggest that the crystallites become thinner as they get smaller.  

 

 

 

Figure 6.3 (a) Illustration of the oriented attachment of 2D-TiS2 nanocrystals and their 

development into TiS2 nanocrystals. (b) Illustration of Ostwald ripening occurring by 

dissolution/recrystallization. TEM images showing (c) initial 100 nm nanocrystals, (d) 

agglomeration, coalescence and two dimensional nanostructure growth from initial 

nanocrystals, (e) uniform single-crystalline hexagonal-like nanosheet morphology. 
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6.2.2 Operando X-Ray Diffraction during electrochemical cycling 

The structural changes occurring during Li+ intercalation within B-TiS2 and 2D- TiS2 materials 

were followed by in-situ synchrotron XRD (Figure 6.4). Li-ions are preferentially inserted and 

stored in the (00l) plane; therefore, following changes in the c-axis lattice parameter during 

electrochemical lithiation provides important insight into the nature of charge storage processes in 

2D-TiS2 
16, 40.   In a previous XRD investigation, Whittingham showed that micrometer-sized TiS2 

particles maintain the same crystallographic symmetry during Li+ insertion with n-butyl lithium, 

although Li+ insertion is associated with a ~0.5 Å change in the c-axis lattice parameter, from 5.7 

to 6.2 Å.19 Figure 6.4 a shows the crystal structure of TiS2 while Figure 6.4 b compares the lattice 

parameters at different voltages for B-TiS2 with those from 2D-TiS2 nanocrystals.  The diffraction 

patterns (Figures 6.5 and 6.6) show the (110) and (101) reflections that were used to calculate the 

a-axis and c-axis lattice parameters for B-TiS2 and 2D-TiS2 shown in Figure 6.4 b. In-situ 

synchrotron XRD during electrochemical insertion of Li-ions into B-TiS2 produced results that are 

consistent with other reported in-situ studies on bulk materials, providing confidence in our 

methods. Before Li-ion insertion, the c-axis lattice parameter for B-TiS2 is calculated to be 5.66(6) 

Å and the a-axis lattice parameter is calculated to be 3.41(5) Å. These measured lattice parameters 

are consistent with previously reported experimental values for the c-axis (5.69 Å) and the a-axis 

(3.41 Å) of TiS2
16, 40, 41. During lithiation of both B-TiS2 and 2D-TiS2, the (110) and (101) peaks 

shift toward lower values of Q (where 𝑄 = �
2𝜋

𝑑
�), indicating an increase in the interplanar distance, 

d (Figure 6.5 and 6.6). This observed increase in the a-lattice parameter is consistent with the 

presence of larger Ti3+ cations (ionic radius: 0.810 Å) in LixTiS2 as compared to the smaller Ti4+ 

cations (ionic radius: 0.745 Å) in TiS2. Furthermore, Li+ intercalation in the Van der Waals planes 

of the TiS2 structure forces the layers to expand to accommodate the guest ion in the host material, 
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resulting in an increase in the c-lattice parameter. Lithium intercalation into B-TiS2 leads to a c-

axis lattice expansion to 6.17 Å and an a-axis lattice expansion to 3.43 Å which are consistent with 

previous in-situ X-ray diffraction42 and in-situ neutron studies43 on bulk TiS2. 

Markedly different structural characteristics emerge for 2D-TiS2 compared to B-TiS2 during 

Li-ion charge storage. The unit cell volume of 2D-TiS2 is larger than B-TiS2 in the pristine state. 

The c-axis lattice parameter is calculated to be 5.80(5) Å while the a-axis lattice parameter is 

calculated to be 3.43(1) Å. The larger lattice parameter in the as-synthesized state could be due to 

a combination of excess Ti cations in the Van-der-Waals gaps16 and/or disorder induced increases 

in the lattice constant. This nanosize effect was shown for LiCoO2 nanoparticles44 as well as for 

mesoporous thin films after heat treatment45. Upon lithiation, 2D-TiS2 undergoes a much smaller 

c-axis lattice expansion (to just 5.93 Å) as compared to B-TiS2. The lattice volume change is only 

2% upon lithiation in 2D-TiS2 compared to a 10% lattice volume expansion in B-TiS2. This is 

direct structural evidence that the large volume change which occurs in B-TiS2 is reduced in this 

nanoscale material during lithiation. Moreover, these measurements show that reversible Li+ 

intercalation/extraction after the first cycle occurs without significant crystallographic change in 

2D-TiS2 (Figure 6.7). 
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Figure 6.5 (a,b) XRD patterns (acquired at 15200 eV) collected during the (c) first insertion 

process of a lithium half-cell containing B-TiS2 as a positive electrode (with a current 

density of 24.9 mA.g-1). The first XRD pattern (red) corresponds to the pristine material, 

and the peaks are labeled with the index corresponding to the 1T phase of TiS2.  
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Figure 6.4 (a) Illustration of the crystal structure of TiS2. (b) In-situ variation of the a-axis 

and c-axis lattice parameter of lithium titanium sulfides as a function of the potential during 

the 1st intercalation for B-TiS2 (open circles) and 2D-TiS2 (solid squares). 
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Figure 6.6 (a,b) XRD patterns (acquired at 15200 eV) collected during the (c) first two 

cycles (charge and discharge) of a lithium half-cell containing 100 nm 2D-TiS2 as a positive 

electrode (with a current density of 48.6 mA.g-1). The first XRD pattern (red) corresponds 

to the pristine material, and the peaks are labeled with the index corresponding to the 1T 

phase of TiS2. The XRD patterns colored in green correspond to the voltage limits (1.5V 

and 3.0V vs. Li/Li+) for each cycle. 
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6.2.3 Electrochemistry 

Electrochemical kinetics of Li+ insertion into TiS2 materials was investigated using a 3-

electrode flooded cell with lithium foils as both the reference and counter electrodes, and 1M 

 

Figure 6.7 In-situ variation of the c-axis and a-axis lattice parameter collected during the 

first two cycles (charge and discharge) of a lithium half-cell containing 100 nm 2D-TiS2 as 

a positive electrode (with a current density of 48.6 mA.g-1). The c-axis parameter was 

calculated from the (101) and (110) reflections (Figure 6.6 a and 6.6 b) and the a-axis 

parameter was calculated from the (110) reflection (Figure 6.6 b).   
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LiClO4 in EC/DMC as the electrolyte. The electrochemical lithium insertion process is described 

by the following equation:  

𝑇𝑖𝑆2 �+ �𝑥𝐿𝑖+ + �𝑥𝑒− �↔ � 𝐿𝑖𝑥𝑇𝑖𝑆2                  (1) 

The maximum theoretical storage in TiS2 is obtained at x = 1 (226 mAh g−1), obtained using, 

x = QM/mF. In this equation, Q is the stored charge, M the molecular weight, m the mass, and F 

is Faraday constant. The cyclic voltammograms (CVs) at 1 mV s-1 for different size 2D-TiS2 

nanocrystals are compared to B-TiS2 particles in Figure 6.8. First, we observe that 2D-TiS2 

nanocrystals exhibit much higher levels of charge storage compared to the B-TiS2 material. The 

CVs show prominent redox peaks around 2.3 V (vs. Li/Li+) for both the 50 nm and 100 nm 

samples. 

 

Figure 6.8 CVs (10 cycles) at 1 mV s-1 in a Li+ electrolyte for 2D-TiS2 nanocrystals, 

comparing 50 nm (red) and 100 nm (green) diameters to B-TiS2  particles (black). 
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To provide more insight about the charge storage mechanism in these 2D-TiS2 nanocrystals, 

we investigated the kinetics of the TiS2 materials (Figure 6.9 and 6.10) using analytical approaches 

that provide quantitative information about differences between diffusion controlled and 

capacitive charge storage processes. In Figure 6.10 a, the capacity of the TiS2 materials is plotted 

vs. the square root of the inverse sweep rate (i.e., ν-1/2) from 1 to 100 mV s-1. In this plot, the linear 

regions are those that are limited by semi-infinite diffusion, as described in equation (2): 

𝑄tot �= �𝑄∞+�∝ (𝜈−1/2)                (2) 

where Qtot is the total amount of charge storage, Q∞ refers to charge stored on accessible surfaces 

(i.e., capacitive controlled processes) and αν-1/2 describes the less accessible sites (diffusion 

limited), where α is a constant and ν is the sweep rate. The extrapolated infinite sweep-rate 

capacitances are estimated from the y-intercept (when ν-1/2  0) and the results are given in Table 

6.2. For the B-TiS2 materials, the kinetics are characterized by diffusion-controlled behavior as 

shown by the linear dependence of capacity on ν-1/2. For 2D-TiS2, two regions are evident. At 

sweep rates below 20 mV s-1, charge storage is relatively independent of ν-1/2 indicating that the 

kinetics are not  controlled by semi-infinite diffusion. At sweep rates greater than 20 mV s-1, the 

capacity changes in a linear manner corresponding to diffusion-controlled behavior. From this 

analysis, we are able to determine the relative amount of charge storage which occurs from 

capacitive processes (both double layer and pseudocapacitance) and those involving the slower 

diffusion-controlled kinetics. At 10 mV s-1 the capacitive contribution is estimated to be ~ 6% for 

the bulk material, 91% for 100 nm and 84% for the 50 nm diameter material. The capacity of 167 

mAh g-1 observed at 1 mV s-1 for 2D-TiS2 50 nm nanocrystals corresponds to storage of 0.74 

Li+/TiS2. Moreover, the data at 10 mV s-1 indicates that over 50% of the theoretical capacity (226 

mAh g-1) is stored within 150 s. To the best of our knowledge, the kinetic response for 2D-TiS2 is 



150 

the fastest charging rate reported for a transition metal chalcogenide. Finally, it should be noted 

that when the surface area of the material is estimated using the nanosheet size, the capacitance is 

much higher than 100 μF cm-2 (see in Table 6.3), is an indication that nearly all the capacitance 

arises from pseudocapacitive processes and not from the electrical double layer20, 46. 

 

Figure 6.9 CVs (10 cycles) between 1 and 10 mV.s-1 for 100nm nanocrystals of 2D-TiS2  

cycled in Li+ electrolyte for kinetic analysis. (a) Capacity vs. ν -1/2 with infinite capacity 

extrapolation, (b) b-values determined by using the relationship between peak current and 

sweep rate (Equation 4). 
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Figure 6.10 Kinetic analysis of 2D-TiS2 and B-TiS2 cycled in a Li+ electrolyte at various 

sweep rates from 1–100 mV s-1. (a) Capacity vs. ν -1/2, (b) determination of the anodic b-

values as indicated in equation (4). A complete example of the analysis is shown in Figure 6.9 

for the 100 nm 2D-TiS2.  

 

 
Table 6.2 Capacitive contribution at infinite sweep rate as a percent of total charge storage. 

 

 
Table 6.3 Volumetric capacitance in function of the 2D nanocrystals size. Surface area values 

estimated from diameter, thickness and density of 2D nanocrystals. 
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A related analysis can be performed regarding the behavior of the peak current by assuming 

the current, i, obeys a power-law relationship with the sweep rate: 

𝑖� = 𝑎𝜈𝑏                (3) 

Here a is a constant and ν is the sweep rate. The b-value can change from 0.5 (semi-infinite 

diffusion) to 1 (capacitive processes). The slope of log(i) vs. log(ν) gives the b-value, as shown for 

100 nm 2D-TiS2 in Figure 6.9. In that figure, the redox peaks shift with increasing sweep rate 

because of the diffusion-controlled nature of the redox processes as discussed above. The b-value 

analysis was performed using the CV data between 1.8 and 2.5V (vs. Li/Li+). In Figure 6.10 b, the 

b-values for the 50 and 100 nm 2D-TiS2 nanocrystals are compared with bulk TiS2. As expected, 

the b-value for the bulk is close to 0.5 for all potentials. The 2D nanocrystals are characterized by 

two different regions. At 2.3V (vs. Li/Li+) the value extends toward b = 0.5 while at the lower 

potentials, the values are much closer to b = 1.0 (b = 0.95 for 100 nm and b ~ 0.83 for 50 nm). The 

charge storage behavior for 2D-TiS2 nanocrystals is vastly different from that of B-TiS2. The latter 

exhibits a diffusion-controlled mechanism (b = 0.5) while the TiS2 nanocrystals exhibit capacitive 

-controlled behavior, except in the potential range where redox processes are apparent. The smaller 

b-values for 50 nm 2D-TiS2 nanocrystals in comparison to 100 nm may be associated with a more 

disordered structure (Figure 6.2), and also the presence of excess sulfur.  

 Using another analysis, it is possible to determine the potential regions where the capacitive 

contributions occur in the CV plots (Figure 6.11). In this method, the current at a particular voltage 

is considered to contain contributions from capacitive (k1) and diffusion (k2) controlled processes. 
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𝑖� = 𝑘1𝜈 + 𝑘2𝜈
1/2   (4) 

For 2D-100 nm sample, the amount of 

charge stored due to both diffusion and 

surface limited processes at 1 mV s-1 is 

presented in Figure 6.11. In this analysis, 

it is generally most insightful to 

determine the different contributions at 1 

mV s-1, as this enables one to maximize 

the diffusive contribution to charge 

storage. The best capacitive materials 

have minimal diffusion contributions, 

even at slow sweep rates47 and that is 

what we observe here. Around 85% of the total current (and therefore, the capacity) is capacitive 

at 1 mV s-1. Table 6.4 shows the capacitive contribution to the charge storage for rates above 1mVs-

1, and indeed less diffusion derived current is measured at faster rates (1-10 mVs-1). The diffusion-

controlled currents are located predominantly in the peak regions of the CV, as redox peaks are 

expected to be diffusion limited. The remaining regions are almost entirely capacitive. 

Finally, composite electrodes comprised of 2D-TiS2 nanocrystals were fabricated with the 

objective of determining how these materials perform in a rechargeable Li-ion device. 

TiS2/electrolyte/lithium Swagelok-type cells were fabricated and characterized. Here the cathode 

is a free standing 2D-TiS2 membrane obtained by filtration of a 2D-TiS2 solution. 1 cm diameter 

(1.6 mg) samples were formed as shown in Figure 6.12. Galvanostatic cycling was used to study 

the amount of lithium inserted during repetitive charge-discharge cycles at specific currents 

 
Figure 6.11 Capacitive and diffusion-controlled 

contributions to charge storage in 100 nm 2D-TiS2 

cycled in a Li+ electrolyte at 1 mV s-1. Capacitive 

contributions are in black. 
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between 0.5 to 10 A g-1 (Figure 6.13). The charge-discharge curves do not exhibit any plateaus, 

which are generally associated with discontinuous or first order phase transitions of the host 

material upon Li+ insertion. The effect of discharge and charge rates on capacity is shown in Figure 

6.13 b. The TiS2 exhibited excellent stability for the 10 cycles at each of the different rates, 

although there is a significant decrease in capacity at the higher rates. At a rate of 2.2C (0.5 A g-

1), 0.66 mole of lithium is reversibly inserted and de-inserted. Increasing the current density to 44C 

(10 A g-1) decreases the capacity to 70 mAh g-1, corresponding to 0.31 mole of lithium insertion.  

The results obtained in Swagelok cells for the 2D-TiS2 materials are promising for 

pseudocapacitor-based energy storage devices. Indeed, this work shows that the high-rate 

pseudocapacitive properties demonstrated with 2D nanocrystalline TiS2 can be extended to 

practical TiS2 membrane electrodes. The 2D-TiS2 membranes exhibit reasonably high specific 

capacitance levels of 320 F g-1 with a 30s charge-discharge time.  

 

 

 

Table 6.4 Capacitive current percentages as determined from infinite capacity and k1/k2 analyses  
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Figure 6.13 (a) Charge–discharge curves for a membrane made from 50 nm 2D-TiS2 

(1.6 mg/cm2) cycled in a Swagelok cell. Cells were cycled at 0.5 to 10 A g-1 between 1.5 

and 3 V. (b) Rate capability at various charge and discharge rates for 2D-TiS2 and B-TiS2 

film. 

 

 

Figure 6.12 Images for 2D-TIS2 100 nm membranes: (a) after filtration, (b) after being 

formed using a punch; (c) SEM image of nanosheets stacked on membrane surface. 
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6.3 Conclusions 

A key feature in our studies on 2D-TiS2 are that only small structural changes occur during 

cycling. The lattice volume in 2-D TiS2 undergoes only a 2% change, while B-TiS2 shows a 10% 

change, as calculated from in situ XRD. This indicates the presence of facile ion migration 

pathways in 2D-TiS2 that can promote rapid charge storage with little need for slow atom 

rearrangements. The small 2% lattice expansion in 2D-TiS2 also enables the material to function 

well as a binder-less membrane electrode because volume changes do not disrupt the integrity of 

the porous electrode geometry. Indeed, after the first deinsertion, the c-axis parameter decreases 

by ~1% from the starting value and shows little change upon Li+ insertion, and for the second cycle 

there is an additional small contraction. Small dimensional changes are consistent with the 

capacitive storage mechanism occurring in 2D-TiS2. The kinetic analysis (Figure 6.11) shows that 

a large fraction of the stored charge comes from a capacitive process. This behavior is likely the 

result of the 2D morphology in that the electrolyte can readily access the entire surface.  Thus, it 

is not surprising that the rate controlling step (Figure 6.10) is surface limited and not solid-state 

diffusion. Another important consideration in our study is that charge storage associated with Li+ 

insertion does not induce a phase change. We believe that by designing materials that undergo 

very small changes during lithiation/delithiation, there is an opportunity to realize electrode 

materials that exhibit both high energy and power density.  

The results presented here illustrate that a 2D morphology leads to electrochemical and 

structural properties which are not exhibited by the corresponding bulk material. TiS2 displays 

highly reversible and high-rate charge storage characteristics which are consistent with 

intercalation pseudocapacitance21: currents which are linearly dependent on sweep rate, redox 

peaks whose potentials do not shift significantly with sweep rate, and a structure which does not 
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experience a phase transition upon intercalation. Due to the specific 2D nanocrystal morphology, 

the rate limiting step for lithium ion storage is a quasi-2D process, similar to that of 2D surface 

adsorption reactions20. Experiments with composite materials show that thicker samples maintain 

their high power density. To date, the electrochemical properties of only a small number of few-

layer dichalcogenide nanocrystals have been reported. However, as our 2D-TiS2 results show, the 

opportunity for advances in energy storage using these types of materials represents an exciting 

direction for the future. 

6.4 Experimental 

6.4.1 Synthesis 

Titanium (IV) chloride TiCl4 (≥99.9%), carbon disulfide CS2 (≥99.9%)and oleylamine 

CH3(CH2)7CH=CH(CH2)7CH2NH2 (≥90%) were purchased from Sigma−Aldrich. Polycrystalline, 

micron-sized powders of TiS2, were purchased from Sigma-Aldrich. All reagents were used 

without further purification. Titanium (IV) chloride (4.8 mmol, 0.91g), was added to oleylamine 

(22.4 mmol, 6g) at 120°C in a 50 mL three-neck round-bottom flask under argon flow. Oleylamine 

was heated at 120°C under vacuum for 15 min to remove oxygen and water and thus eliminate 

contamination by titanium oxide. When the titanium chloride was injected into the oleylamine, 

orange colored precipitates formed immediately. When the reaction temperature reached 300°C, 

carbon disulfide (16 mmol, 0.97 mL) was injected into the reaction solution, whereupon the color 

of the solution turned blue-black. The reaction occurs via in situ generation of H2S, from CS2, as 

an intermediate reactant1. After 15 min, the reaction was stopped by cooling it to room temperature. 

An excess of butanol was added to precipitate the TiS2 nanocrytals that were recovered by 

centrifuging the solution. The nanocrystals were washed with hexane and methanol to remove the 

excess oleylamine and sulfur. After washing the nanocrystals, FT-IR and EDX analyses were used 
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to ensure that all excess oleylamine was removed from the solution. The resulting 2D-nanocrystals 

were dispersed in toluene. In general, nanocrystal size was controlled by the concentration of 

percursors (TiCl4 and CS2) in solution (oleylamine) and reaction time. The TiS2 nanocrystals with 

diameters of 270, 100 and 50 nm were obtained with a concentration of TiCl4 in oleylamine of 1.5, 

4.8, 6.4 mmol.L-1 respectively and with a CS2/TiCl4 molar ratio equal to 3.33 for 15 min of reaction 

time. When the reaction time increases, agglomeration and coalescence of nanocrystals occurs, 

resulting in a bigger hexagonal 2D-nanocrystal. Two possible mechanisms can occur in this case; 

one is a dissolution/recrystallization (Ostwald ripening) and the other is an epitaxial growth, driven 

by relaxation of stress created by mis-orientation at the attachment interfaces. The growth of 2D-

TiS2 polycrystalline nanocrystals can be explained in the same way by epitaxial growth under 

(001) orientation control. Due to concern over surface reactions, fresh batches of 2D-TiS2 were 

used in the characterization studies to achieve good reproducibility. 

6.4.2 Material Characterization 

6.4.2.1 General material characterization of the as prepared TiS2 material    

Transmission electron microscopy (TEM) of 2D-nanocrystals deposited on a carbon-coated copper 

grid was taken with an FEI Technai T12 TEM (120keV). The 2D-nanocrystal size distribution was 

determined using Image J 1.44p image analyzer software counting at least 80 particles. A FEI 

Nova NanoSEM 230 scanning electron microscope (SEM) equipped with an energy dispersive X-

ray spectroscopy (EDS) system was used to characterize the microstructure of the 2D-nanocrystal 

membrane and the relative composition of the materials. IR spectra were obtained by a JASCO 

FT/IR-670 plus. X-ray diffraction (XRD) of dry powders was carried out using a Rigaku Miniflex 

II diffractometer.  

6.4.2.2 Operando X-ray Diffraction  
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Operando XRD was performed at beamline 7-2 at the Stanford Synchrotron Radiation Laboratory 

(SSRL) with energy of 15200 eV. X-ray diffraction patterns were collected using a Pilatus 300K 

detector. The cathodes for the beamline measurements were prepared from a slurry of 80 wt% TiS2 

materials, 15 wt% carbon black, and 5 wt% polyvinylidene fluoride (PVDF) dispersed in N-

methyl-2- pyrrolidone (NMP) that was cast on carbon coated aluminum foil, and dried at 120°C 

under vacuum for a minimum of 4 h to evaporate the excess solvent. The mass loadings of the 2D-

TiS2 and B-TiS2 electrodes were 0.34 mg.cm−2 and 0.24 mg.cm−2, respectively. All half cells were 

constructed in an argon filled glove box using lithium metal as counter electrode, Celgard 2400 as 

separator, and 1 M LiClO4 in propylene carbonate as electrolyte. These cell components were 

housed in a modified coin cell constructed with 3mm holes to allow transmission of the X-rays. 

The coin cells were sealed in a polyester pouch and stored in an Ar atmosphere until cycling was 

performed to prevent exposure. Half-cell cycling was studied between 1.5 and 3.0 V (vs. Li/Li+) 

using a VMP potentiostat/galvanostat (Bio-Logic USA). Both samples were lithiated to the 

Li0.5TiS2 stoichiometry.  
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CHAPTER 7 

Connecting Electrochemistry to the Nanoscale Architecture in Mesoporous Silicon 

7.1 Introduction 

The successful widespread deployment of battery electric drive automobiles into the 

marketplace relies strongly on the advent of new energy storage materials with high energy density. 

1,2 Graphite has been the Li-ion battery energy storage powerhouse since the conception of the 

rocking chair technology invented in the early 1990’s. 3–5 However, the capacity of graphite is 

limited to 375 mAh g-1 (750 mAh l-1), which is prohibitively low for high energy density 

applications.6,7 In contrast, materials that undergo alloying reactions, rather than intercalation 

reactions, can store significantly more charge both in terms of gravimetric and volumetric 

normalizations.8 The high charge storage is a result of high lithium content alloy phases that are 

thermodynamically stable. Silicon emerges as an attractive candidate from the collection of 

materials that electrochemically undergo alloying reactions with lithium,9–11 owing to its high 

theoretical capacity of 3579 mAh g-1 (2190 mAh l-1), its high natural abundance and environmental 

friendliness.  

The development of practical silicon anodes have been significantly delayed because the 

high Li storage capacity of silicon is associated with large (>300%) volume changes, which leads 

to pulverization of the active silicon material. 12–15. Furthermore, the volume change leads to 

failures within the composite electrode too. In practice, these composite electrodes are made by 

mixing silicon powder with conductive additives and polymeric binders. The abovementioned 

volume changes in silicon result in mechanical failure of these composite electrode structures, and 

degradation of electronic junctions between different electrode components (silicon, conductive 
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additive, current collector). These degradation mechanisms ultimately leads to unacceptably short 

battery lifetimes for silicon based electrodes.16 

 Nanostructuring has been shown to alleviate some of the detrimental issues related to 

volume changes in alloy-type materials. Cui and co-workers have shown that silicon nanowires 

accommodate volume changes extremely well, leading to improved cycle lifetimes.17–20 The 

nanoscale size and anisotropic structure reduces the interfacial strain between the low density 

lithiated phases and higher density non-lithated phases during cycling. Silicon nanotubes21 and 

hollow silicon spheres22 introduce another mode to accommodate volume expansions through 

internal porosity. The void space in the tubular structures effectively allows three-dimensional 

expansion without material pulverization. Porous silicon nanoscale architectures have also been 

shown to be a promising architecture to increase the cycle lifetimes of these materials. 23–28 One 

main advantage of porous nanostructures over the nanowires and nanotubes discussed above 

corresponds to the interconnectivity of the pore walls. The interconnectivity minimizes the 

problematic electronically insulating surface layer that would normally form at nanowire-nanowire 

or nanotube-nanotube junction, which can significantly decrease the overall electronic resistance 

of the electrode. In terms of cycling stability, the pore void space and internal surface area should 

lead to structures that can flex and breathe without severe degradation, leading to materials with 

high reversibility and longer lifetimes.  

 Several methods exist to synthesize porous silicon with various nanoscale architectures. 

One effective technique that offers good control over nanoscale architecture is the 

magnesiothermic reduction of silica. This chemistry is similar to carbothermic reduction of silica, 

which requires temperatures above 1700°C. 29–31 Except, the reduction of silica with magnesium 

occurs at a much lower temperature (680°C) compared to using carbon as the reductant, which 
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enables the formation of small nanoscale based structures that would be otherwise unachievable 

with carbothermal reduction.10,26,27,32,33 Sandhage and co-workers demonstrated that the porous 

structure in silica based diatoms could be preserved using this reduction method.32 The overall 

reaction is shown in Equation 1, 28 wherein the MgO and remaining SiO2 are ultimately etched 

away with diluted HCl and HF, respectively.   

2Mg(g) + SiO2(s)  2MgO(s) + Si(s) (dG0  = -67.5 kcal mol-1, 298K)   (Eq. 1) 

This magnesiothermic reduction reaction can be used to convert various porous SiO2 

precursors into porous silicon replicas. A large library of ordered porous silica materials have been 

synthesized by sol-gel self-assembly chemistry using cationic, anionic, and non-ionic structure 

directing agents.34–36 These low molecular weight polymers tend to form porous silica structures 

with very small nanostructures, which can undergo significant structural coarsening even at the 

temperatures required for the chemical conversion or crystallization into useful high temperature 

phases. In response to a desire for larger nanoscale structures, the Weisner group extended this 

templating chemistry using large block co-polymers, like poly(isoprene-block-ethyleneoxide), as 

structure directing agents leading to materials with pore sizes in the range of 10-50 nm.36,37 This 

general method has been used to synthesize mesoporous metal oxides,38–41 and silica42–45  with the 

latter being particularly relevant to this study.  

Various porous silica architectures have been investigated as precursors to porous silicon 

using the magnesiothermic reduction method. Commercially available porous (~10 nm) SiO2 has 

been converted using magnesiothermic reduction, but this extremely small nanoscale architecture 

underwent significant coarsening, with the pores growing up to ~ 250 nm during the magnesium 

reduction.26 Yang and co-workers showed that a similar nanostructured SiO2 template, SBA-15, 
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could be reduced to porous silicon with good retention of the original structure.27 The synthesis 

conditions were similar between the two studies, except the latter report does not use hydrofluoric 

acid to etch the residual silica from the final silicon structure. Therefore, to achieve good cycling 

stability the sample was coated with carbon using a high temperature process; otherwise the 

capacity decay was severe.27 Building from that work, other groups have shown that naturally 

derived SiO2, with larger porous architectures, like rice husks, can be can be reduced to porous 

silicon and cycled effectively as a Li-ion battery anode without conductive carbon coatings.46,47  

Larger porous silica replicas are more advantageous than smaller ones as explained above, 

and the naturally derived precursors lend no control over that starting architecture. Richman and 

co-workers have reported on the synthesis of 10-15 nm ordered porous silicon thin films from the 

magnesiothermic conversion of large mesoporous silica. 43 While this thin film system is extremely 

advantageous for fundamental studies, it is limited in mass, and is not a practical systems. Building 

from this precedent, the methods of that study demonstrate a clear synthesis methodology for 

producing large di-block co-polymer templated silicon, which can ultimately be incorporated into 

traditional composite electrodes.  

 In this study we have synthesized mesoporous silica powders precursors using large 

poly(butadiene-b-ethylene oxide) block copolymer templates as the structure directing agent. In 

order to better understand how variations in the silicon morphology affect the electrochemistry, 

the porous silica precursors are reduced in two different gas environments leading to different 

nanoscale structures. The control of morphology, both through the precisely controlled silica 

precursor, and the reduction environment, enables the electrochemistry to be understood in terms 

of important structural parameters such as porosity, pore size and surface area. We have found that 



167 

the porous silicon under investigation performs remarkably well as a Li-ion battery anode material 

delivering both high power and energy density along with long cycle lifetime. 

7.2 Results discussion 

7.2.1 Structural characterization 

Porous silicon was 

synthesized by the magnesiothermic 

reduction of precisely designed 

ordered mesoporous silica powders. 

The mesoporous silica precursor 

was prepared by evaporation 

induced self-assembly of tetraethyl 

orthosilicate (TEOS) and 

polyethylene oxide-block-

polybutadiene. The sol-gel 

chemistry of alkoxy silicon 

derivatives (eg. TEOS) is well 

known and involves the hydrolysis 

of TEOS followed by 

polycondensation to form silicon 

oxygen bonds in a network 

structure.50 During evaporation, these condensates weakly associate with the block co-polymer 

 
Figure 7.1. SEM images of mesoporous silica 

synthesized through a sol-gel based, di-block co-

polymer directed self-assembly method (a,b). The 

porous powder is comprised of 1 – 100 μm grains 

consisting of ordered pores. The low angle scattering of 

mp-SiO2 consist of one main peak at 0.48°, which 

corresponds to a d-spacing of 19 nm (c). Barret-Joyner-

Halenda pore size distribution of mp-SiO2 calculated 

from the nitrogen adsorption isotherm. The pore width 

is calculate to be 12 nm, and is in excellent agreement 

with the SEM analysis. 
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micelles to form periodic organic-inorganic structures that can then be calcined to remove the 

organic polymer leaving behind an amorphous porous silica powder.36  

The mesoporous silica powders 

were characterized by scanning electron 

microscopy (SEM), low-angle X-ray 

diffraction (LA-XRD), and nitrogen 

porosimetry (Figure 7.1). The SEM in 

Figure 7.1a shows the micrometer sized 

grains of the silica powder, while closer 

magnification of the surface in Figure 7.1b 

shows the ordered pore system. The LA-

XRD of mp-Si is shown in Figure 7.1c, and 

the peak at 0.48° (d = 19 nm) confirms the 

long-range periodicity of the porous 

architecture. Nitrogen adsorption was also 

carried out to measure the surface area and 

pore size distribution. Nitrogen adsorption 

isotherms show IUPAC convention type-IV 

curves with sharp capillary condensation at 

a relative pressure ca. 0.8 P/P0, indicating a 

narrow pore size distribution. The average 

pore size was calculated as 12 nm from 

modeling the adsorption isotherm using the Barret-Joyner-Halenda (BJH) analysis.51 The Brunauer 

 
 

Figure 7.2. X-ray diffraction of Ar-Si (a) and Fg-

Si (b) before acid etching, and after etching in 

HCl and HF.  Several crystalline phases (Si, 

MgO, Mg2Si) are present in the samples as a 

result of the reduction reaction of mp-SiO2 with 

Mg. The more chemically active magnesium 

containing phases are etched into aqueous species 

with dilute HCl. Finally HF acid is used to etch 

away any silica that remains. After this chemical 

etching process, both samples exhibit pure-phase 

silicon. 
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Emmett and Teller (BET)52 surface area calculated from the multi-layer adsorption region is 356.4 

m2 g-1. Some of this surface area derives from very small micropores (< 2 nm), which were 

produced from burning-out the PEO portion of the block co-polymer that was embedded in the 

solid silica walls. IN fact such high surface areas are not desirable for Li-ion battery anodes, and 

much of that surface area, derived from the micropores, will coarsen upon conversion to silicon, 

making these silica powders ideal architectures to convert to mesoporous silicon.   

The mesoporous silica powder templates were converted into porous silicon using 

magnesium as a reducing agent in two different gas environments. The porous silicon material was 

either reduced in argon (Ar-Si) or a 5% hydrogen balanced with nitrogen mixture (Fg-Si) following 

the reaction scheme in Equation 1. As a result of the large thermodynamic driving force, MgO and 

silicon is generated at the expense of the silica and magnesium. The XRD of the reaction products, 

before acid etching, are shown in Figure 7.2 a, b.  The predominant crystalline phases are silicon 

(JCPDS card # 27-1402) and MgO (JCPDS card # 45-0946). The MgO is removed from the 

structure using dilute HCl, leaving pure phase silicon. The average crystallite sizes of Fg-Si and 

Ar-Si, after acid etching, calculated from the Scherrer equation, are 37 nm and 41 nm, respectively. 

The crystallite sizes are nearly the same, within the error of the analysis, which indicates that the 

crystallographic nature of the two samples is the same. The implication of this result is that any 

crystallographic influences to the cycling performance is the same for each sample, which allows 

clear relationships to be understood between structure (porosity, pore size, and surface area) and 

electrochemistry.  
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The electron microscopy images shown in Figure 7.3 shows the unique porous structure 

afforded by the reduction of the porous silica templates. The low magnification TEM images of 

the micrometer size grains illustrate that these particles are homogeneously porous. Further 

analysis of the surface of these grains, using SEM, shows that the nanoscale architecture consists 

of roughly spherical pores and randomly shaped pore walls. The TEM images in Figure 7.3 c,f 

show that the wall sizes in both samples are below 50 nm. This unique porous structure in both 

samples affords ample void space for volume change, while the nano-sized pore walls enable fast 

charge storage through short ion diffusion path lengths. However, it is difficult to concretely 

distinguish the structural differences between the two samples using TEM and SEM alone. 

Sample Name BET Surface Area (m
2
/g) % Porosity Average pore size (nm) 

mp-SiO
2
 356.4 33 12 

Ar-Si as prepared 1.9 3 -- 
Ar-Si 50.0 34 87 

Fg-Si as prepared 5.3 7 -- 
Fg-Si 70.0 41 35 

 

Table 7.1. Values for surface area calculated with the Brunauer-Emmett-Teller model, values 

of porosity and average pore size calculated with the Barrett-Joyner-Halenda model using the 

correspond sample’s nitrogen isotherms.  

 

 
 

Figure 7.3. TEM and SEM images of Ar-Si (a, b, c) and Fg-Si (d, e, f). The low magnification 

TEM images show that the micrometer sized particles are porous throughout, and the SEM 

images and high magnification TEM images show that the pore walls are smaller than 50 nm. 

The sub-50 nm walls increase the electrochemical kinetic performance, and reduce the stress 

associated with repeated volume changes during cycling enabling long cycle lifetimes.  
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Therefore, we also characterized the nanoscale structure using nitrogen porosimetry, which led to 

a clear distinction between the two samples. 

Analysis of the samples using nitrogen adsorption enabled us to clearly understand the 

structural differences between the two samples through quantification of the average pore size and 

total porosity. Figure 7.44 shows the BJH pore size distributions of mp-Si, Ar-Si, and Fg-Si. The 

reduction leads to an enlargement of the average pore size, compared to the parent mp-SiO2, as 

was reported in previous studies.27,46 The average pore size of Fg-Si increases only slightly from 

12 nm to 35 nm compared to Ar-Si, which increases by a much larger amount to 87 nm (Figure 

7.4 and Table 7.1). Overall, we found that Fg-Si retained its parent morphology better than Ar-Si. 

Furthermore, the porosity and the distribution of that pore volume is also uniquely different in each 

sample. Figure 7.5 shows the cumulative pore volume of each sample, and the pore volume 

between 175 – 50 nm is the same for each sample. However, the pores in Fg-Si below 50 nm 

comprise twice as much pore volume as the pores in Ar-Si in this same range. As a result, the 

porosity and surface area are both larger for Fg-Si (Table 1) , which enables Fg-Si to perform better 

in several electrochemical performance categories (which will be discussed in the electrochemical 

section). 

The highly exothermic nature of magnesium with silicon causes an increase in local 

temperature above 1300°C, which can cause severe degradation of the fine nanostructure.53 We 

believe that the Fg-Si retains its structure better than Ar-Si because the 5% hydrogen gas present 

in the reducing atmosphere can react with any parasitic oxygen that is present during this 

conversion (Equation 2). This scavenging reaction could reduce the extra heat generation from the 

highly exothermic oxidation of magnesium (Equation 3) that could lead to further coarsening and 

ultimate degradation of the nanoscale architecture. While the further studies could be carried out 
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to understand the exact nature of this mechanism 

we do want to highlight that the ‘inert’ gas used 

during the reduction can drastically affect the final 

morphology of the reduced product. In this study 

we have used the resulting differences in 

morphology to make important correlations 

between nanoscale architecture and 

electrochemical performance.  

H2 + 
1

2
�O2 H2O (dG0 = -54.6 kcal mol-1, 

298K)      (Equation 2) 

Mg + 
1

2
�O2  MgO (dG0 = -142.7 kcal mol-1, 

298K)     (Equation 3) 

High resolution X-ray photoelectron 

spectroscopy (XPS) was used to characterize the 

surface chemistry, and measure the extent of 

surface oxidation of the mesoporous silicon.   

Figure 7.6 shows the fitted XPS spectra for both 

Fg-Si and Ar-Si, and the spectra can be 

categorized into three regions: zero-valent silicon, 

silicon sub-oxides corresponding to Si1+ (Si2O), 

Si2+ (SiO), and Si3+ (Si2O3), and finally silicon 

dioxide. 54  The binding energies in these three 

 

  
Figure 7.4. Comparison of Barrett-

Joyner-Halenda pore size distribution of 

Ar-Si (a), Fg-Si (b), and mp-SiO2 (c). This 

comparison shows that the Fg-Si retains 

the parent pore size characteristics better 

than Ar-Si. The large reduction in surface 

area for both reduced samples is attributed 

to the enlargement of the pores, which is a 

desired transformation that mitigates 

excessive electrolyte decomposition 

during electrochemical cycling. 
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regions agree well to binding energy values 

reported elsewhere.54  The zero-valent silicon 

signal between 98 - 100.5 eV can be clearly 

deconvoluted into two separate peaks 

corresponding to the P1/2 and P3/2 splitting due 

to J-coupling. The presence of both silicon and 

silicon oxides in the XPS spectra indicates that 

the surface of the material is only covered with 

a thin silicon oxide layer, which is likely 

reduced to Li2O and Si during the first 

electrochemical cycle. 

7.2.2 Electrochemical characterization 

Silicon undergoes an electrochemical alloying reaction with lithium between 0 – 1 V (vs. 

Li/Li+) storing up to 3579 mAh g-1.55 During the first lithiation process crystalline silicon is 

converted to amorphous silicon between 80 – 120 mV (vs. Li/Li+) followed by the rapid 

crystallization of Li15Si4 below 70 mV.55  In order to suppress that low voltage crystallization, 

which could lead to premature voltage fading due to inhomogeneous volume changes between the 

amorphous and crystalline lithiated silicon phases, we have limited the voltage range between 0.07 

– 1 V vs. Li/Li+ in this study. 

 The first lithium insertion process of both Fg-Si and Ar-Si at C/20 shows a voltage drop 

between 1.25V – 0.1 V corresponding to solid electrolyte interface (SEI) formation,56 followed by 

a long plateau corresponding to the formation of amorphous lithiated silicon at the expense of the 
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Figure 7.5. Cumulative pore volume vs. pore 

width plot of Ar-Si (blue) and Fg-Si (green). 

The pore volume above 50 nm is similar for 

both samples, but below 50 nm Fg-Si has a 

two-fold higher volume. This larger fraction 

of mesopores should be effective at 

accommodating volume change and 

facilitating fast, and reversible, charge 

transfer reactions. 
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pristine crystalline silicon.55 During the first cycle at C/20, the Fg-Si electrode achieves an 

insertion capacity of 4132 mAh g-1 and a deinsertion capacity of 2947 mAh g-1 while the Ar-Si 

achieves a lower insertion capacity of 3074 mAh g-1 and a deinsertion capacity of only 2236 mAh 

g-1, respectively. This irreversibility of the first cycle mainly derives from the formation of the SEI, 

which is thought to begin forming around 1.25 V (vs. Li/Li+).56 The first cycle irreversible capacity 

loss (ICL) of Fg-Si and Ar-Si is 71 % and 73%, respectively. These ICL values are similar to other 

high surface area silicon nanoparticle based electrodes cycled with FEC stabilizing additives.57 

More importantly, the coulombic efficiency increases to 98% by the 5th cycle, for both samples, 

indicating that a stable SEI layer is formed during the first few cycles and remains stable thereafter. 

The ability of both these samples to form stable SEIs is strong evidence that the porous nanoscale 

architecture, of both samples, is effective at accommodating the lithiation-induced volume changes 

without cracking. If the samples were cracking, fresh silicon surfaces would be exposed to the 

electrolyte, leading to SEI growth and low coulombic efficiencies.  

 We now turn our attention to the kinetic performance of Fg-Si and Ar-Si. The porosity and 

surface area of Fg-Si is higher than Ar-Si, and as a result Fg-Si responds with faster charge storage 

kinetics. Figure 7.7 shows the kinetic performance of Fg-Si and Ar-Si, which were 

galvanostatically cycled between C/10 - 5C. The Fg-Si exhibits higher charge storage, compared 

to Ar-Si, at every measured rate, due to the higher surface area and larger porosity. High surface 

area increases the flux of Li-ions between the electrode / electrolyte interface, while the increased 

porosity retains open access to electrolyte during expansion. If the porosity is not large enough to 

accommodate the volume increase, the pores will cut off electrolyte access to large portions of the 

silicon grain. We speculate that the reduced capacity in Ar-Si is due to the pores shrinking during 

the expansion process, which then either constrict the flow of electrolyte, or completely cut-off the 
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access of electrolyte to the interior of the particle.  

Comparing the actual charging and discharging 

time, at the fastest rate of 5C, we found that in 

seven minutes, Fg-Si achieves 1121 mAh g-1 while 

Ar-Si only reaches 910 mAh g-1, a 23% 

enhancement due to the higher surface area and 

porosity.  

Another electrochemical feature of our 

porous silicon electrodes is that the 

electrochemical reversibility of both electrodes, at 

high current densities, is extremely good. 

Typically, charging at high current density drives 

the electrochemical reactions to operate far from 

the thermodynamic reaction potentials, and are 

susceptible to deleterious kinetic processes that 

are not usually observed at slow rates. For 

example, cycling graphite at high current densities 

can lead to heat generation, and SEI degradation.58 Graphite and silicon electrodes are also prone 

to Li-metal plating during high rate Li-insertion, which is a serious safety concern. 59,60 No new 

electrochemical features are seen in the C/10 galvanostatic traces after cycling at various high 

current densities.  

 The excellent electrochemical reversibility of samples galvanostatically cycled at 2.5C is 

shown in Figure 7.8a. During the first 20-50 cycles, the capacity of both samples increase slightly, 

 
 

Figure 7.6. High resolution XPS of Ar-Si (a) 

and Fg-Si (b). Both XPS spectra show signal 

from zero-valent silicon and various higher 

oxidized silicon species. The observation of 

both zero-valent silicon and oxidized Si 

species indicates there is only a thin oxide 

surface layer, which will be reduced to Si and 

Li2O during the first Li insertion process. 
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and the coulombic efficiency decreases by ~ 1% over this same interval. This behavior is likely a 

kinetically driven process, but it does not seem to effect the long term stability. In fact, after ~50 

cycles, the coulombic efficiency begins to increase (Figure 7.8b) and ultimately stabilizes above 

99.5%. After 500 cycles, Fg-Si delivers 1292 mAh g-1 while Ar-Si only delivers 845 mAh g-1.  

Although both samples have similar capacity retention, the increased porosity of Fg-Si facilitates 

the volume change better, enabling a higher capacity utilization over these 500 cycles. In addition, 

the Fg-Si sample is technological important as the capacity is nearly 1300 mAh g-1 after 500 charge 

and discharge cycles, which is still nearly four-fold higher than the theoretical capacity of graphite 

making this material system a promising candidate for the next generation if Li-ion battery anode 

materials.6,7  

 

 

 

 
 

Figure 7.7. Kinetic performance of Fg-Si and Ar-Si between C/10 – 5C (a). Corresponding 

galvanostatic voltage vs. capacity curves for Fg-Si (b), and Ar-Si (c). Fg-Si delivers higher 

capacity at every rate compared to Ar-Si due to the smaller pores, higher porosity and higher 

surface area.  
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7.3 Conclusions 

We have demonstrated an effective approach to controlling the microstructure of 

mesoporous silicon. In particular, by selecting appropriate reducing atmospheres (forming gas and 

argon), mesoporous silicon with tunable pore size (~35 nm and ~87 nm), porosity (41% and 34%), 

and specific surface area (~ 70 m2 g-1 and 50 m2 g-1) was synthesized via magnesiothermic 

reduction of silica. In addition, we have shown that further control over the microstructure of 

mesoporous silicon can be achieved by designing silica precursors from large block co-polymer 

templates. These new insights are attractive for the development and optimization mesoporous 

 
 

Figure 7.8. Cycle lifetime plots of Ar-Si and Fg-Si cycled at 2.5C  between 70mV and 1V vs 

Li/Li+ (a). Once C/10 cycle was performed before this cycle lifetime test to form the SEI (not 

shown). The coulombic efficiency corresponding to the cycle lifetime plots is plotted in a 

separate graph for clarity. (b) The long cycle lifetime, and high coulombic efficiency is 

attributed to the porous nanoscale architecture that enables the accommodation of the volume 

change during cycling. 
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silicon for high performance Li-ion battery anodes. To demonstrate the impact of the nanoscale 

morphology (pore size, porosity, and specific surface area) of mesoporous silicon on its functional 

properties, we have compared the electrochemical Li storage performance of two types of 

mesoporous silicon with distinguishable differences in their nanoscale morphologies. The structure 

with smaller pore size, higher porosity and larger specific surface area outperform the one with 

larger pore size, lower porosity and smaller specific surface area, both in terms of capacity 

retention (1292 vs. 845 mAh g-1 over 500 cycles at 2.5C), and charge storage kinetics (1121 mAh 

g-1 vs. 910 mAh g-1 at 5 C). These results shed light on the importance of optimizing the nanoscale 

morphology of mesoporous materials for the next generation Li-ion battery anodes. 

7.4 Experimental 

7.41 Synthesis 

All starting materials were obtained from commercial suppliers and used without further 

purification. Poly(butadiene-b-ethylene oxide) Mn = 13000 (Bd:EO = 5.5:7.5), PDI=1.04, 

Polymer Source), Tetraethyl orthosilicate (reagent grade, 98%, Sigma Aldrich), magnesium (-325 

mesh, 99.8% metals basis, Alfa Asear) 

In a typical synthesis, mesoporous silica was synthesized by dissolving 500 mg of 

Poly(butadiene-b-ethylene oxide) in 36.25 ml of ethanol at 50°C. To this solution 5 ml of tetra 

orthosilicate was added, followed by 2.5 ml of water, and finally 2.5 ml of a 1N ethanolic solution 

of HCl. This solution was stirred for 20 minutes, ultimately being evaporated from a 10 cm 

diameter petri dish at ambient conditions. The sample was ground finely and hydrothermally 

treated at 130°C for 24 hr. The resulting product was washed with water three times, and dried at 
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100°C. This powder was calcined under flowing O2 at 450°C for 16 hours to yield a light yellow 

to clear powder. 

In a typical synthesis, mesoporous silicon was synthesized from the solid state reaction of 

magnesium and mesoporous silica. Typically, 300mg of mesoporous silica was ground in an agate 

mortar with 300 mg of magnesium with a small amount of ethanol. The mixture was reacted in a 

graphite boat with a loosely fitted stainless steel lid. The reaction mixture was ramped to 680°C at 

11°min-1 and held at this temperature for 3 hours in either argon of forming gas (95% N2 :  5% H2). 

The resulting product was soaked in 0.5 N HCl for 2 hr, and this was repeated two more times. 

The powder was then soaked in 10 ml of a 5% HF solution for 30 minutes. Finally the powder was 

washed with 500 ml to 1000 ml of water until the pH was ~7, and then dried overnight in vacuum 

at 70°C.  

7.4.2 Characterization  

Powder X-ray diffraction (XRD) was performed in a PANalytical X’Pert Pro operating 

with Cu Kα (λ = 1.5418 Å) using a 0.03° step size,  a voltage of 45kV, and a current of 40mA. 

XRD patterns were recorded in the range of 10° < 2𝜃� < 80°. Transmission electron microscopy 

(TEM) was performed using a FEI Technai T12 operating at 120 kV. Nitrogen porosimetry was 

carried out using a Micromeritics TriStar II 3020. The surface area was calculated from the 

adsorption branch of the isotherm between (0.04 – 0.30 P/Po) using the Brunauer-Emmett-Teller 

(BET) model. The pore diameter and pore volume was also calculated from the adsorption branch 

of the isotherm using the Barret-Joyner-Halenda (BJH) model. X-ray photoelectron spectroscopy 

(XPS) analysis was performed using a Kratos Axis Ultra DLD with a monochromatic Al (Kα) 

radiation source. The charge neutralizer filament was used to control charging of the sample, 20 
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eV pass energy was used with a 0.1 eV step size, and scans were calibrated using the C 1s peak 

shifted to 284.6 eV. The integrated area of the peaks was found using the CasaXPS software, and 

atomic ratios were also found using this software. The atomic sensitivity factors used were from 

the Kratos library within the Casa software. 

7.4.3 Electrochemistry 

According to the previously published protocol by Lestriez et al, the anode was made from 

a slurry consisting of 60 wt.% Ar-Si or Fg-Si powder used as active component for Li storage, 20 

wt.% vapor grown carbon fibers (Sigma Aldrich) used as conductive additive, and 20 wt.% 

carboxymethyl cellulose (Mw=250K, Sigma Aldrich) used as binder.48,49 The three components 

were mixed together with water by ball-milling in order to obtain a homogeneous thick paste. The 

slurry was then casted on 9 µm copper foil (MTI Corp), dried at ambient temperature for 1 h, and 

further dried at 70°C under vacuum overnight to evaporate the excess solvent. The mass loading 

of the electrode was ~0.5 mg cm−2 of active material. These electrodes were assembled into home-

built swagelocs using lithium metal as counter electrode, glass fiber (Watman) as separator, and 1 

M LiPF6 in a 1:1 ethylene carbonate/dimethylcarbonate solvent (Sigma Aldrich) with 5% (v/v) 

fluorinated ethylene carbonate (TCI America) as electrolyte. Half-cell cycling was carried out on 

a VSP potentiostat/galvanostat (Bio-Logic) using a 1C rate that corresponds to 2000mAh g-1. 
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CHAPTER 8 

Nanoporous tin with a granular hierarchical ligament morphology as a highly stable Li-ion 

battery anode 

8.1. Introduction 

Commercialization of the first Li-ion batteries in 1991 was made possible by what 

people called rocking chair technology, which utilized LiCoO2 and graphite electrodes.1–3 

Twenty-five years later, graphite is still used as a negative electrode in the majority of Li-

ion batteries. The success of graphitic carbon electrodes is attributed to its high electronic 

conductivity, low volume change during cycling and long cycle lifetime.4–6 However, its 

relatively low gravimetric and volumetric theoretical capacities of 372 mAh/g and 756 

mAh/cm3 limits the use of graphite in Li-ion batteries for long range electric vehicles and 

many miniaturized portable electronics devices.7,8 These new advanced applications 

undeniably require materials with higher energy storage densities than graphite can provide. 

Among alternative anode materials, tin, and its neighbor in the periodic table, Si, are 

attractive candidates for their high capacity Li storage.  Sn has theoretical gravimetric and 

volumetric Li storage capacities of 990 mAh/g and 1991 mAh/cm3, while Si has an even 

higher gravimetric capacity of 3579 mAh/g.7,8 The volumetric capacities of Si and Sn are 

comparable, however (Si volumetric capacity is 2190 mAh/cm3),8 and this metric is more 

important than gravimetric capacity for applications with space constraints (e.g. electric 

vehicles, laptops, cell phones, etc.). Although the volumetric capacities of Sn and Si are 

similar, Sn has the additional benefit of a much higher electrical conductivity than silicon 

because it is a metal, making it the ideal choice for Li-ion battery anodes. Unfortunately, 
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as with many high-capacity anode materials, the alloying reaction of Sn or Si with Li is 

associated with extreme volume changes (~300%) between the initial and final states.9–16  

This expansion is thought to be responsible for the electrode failure of bulk, micron-sized 

tin and Si particles after just a few cycles. One significant failure mechanism is crack 

propagation and pulverization of the active electrode material leading to electrically 

isolated fragments that no longer contribute to the total capacity of the electrode.11,12,17  

 

The abovementioned cell failure and corresponding short battery lifetimes represent the 

main challenge in this field, and this issue has significantly delayed the development of 

high-performance Sn anodes for Li-ion batteries.  As a result, despite the fact that various 

nanostructured forms of Sn have recently been shown to significantly outperform graphitic 

carbon in terms of theoretical capacity,18–21 developing a high capacity nanostructured Sn 

anode with good cycle life remains a major challenge. Even small Sn nanocrystals have 

been shown to suffer from the deleterious effects of extreme volume changes during 

cycling. This was detailed in a recent TEM study of 10 nm monodispersed Sn nanocrystals, 

which showed that Li-induced volume changes still caused fracturing in these extremely 

small nanocrystals.22 However, in some cases reasonable capacity retention can be achieved 

even with nanocrystal based electrodes.  For example, ~40 nm Sn nanocrystals were 

evaluated as Li-ion battery electrodes, achieving ~80% capacity retention over 70 cycles.23 

Nanostructures with varying complexities like carbon encapsulated Sn nanoparticles,24,25 

SnO2@C yolk-shell spheres,26 and carbon Sn composites,27 have also shown varying 

degrees of success. While some of these more complicated nanostructured graphene 
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composites and tin oxide materials show improved cycle lifetimes, pure metallic tin 

structures still show limited cycle lifetimes. 18–21,28–30 

 

It is clear that nanostructuring tin offers benefits compared to bulk micrometer tin 

powders, but those approaches don’t fully alleviate the damaging effects caused by repeated 

volume change during cycling. The next step, in an effort to increase the cycle lifetimes of 

tin, may be the development of porous architectures. While long cycle lifetimes have not 

yet been demonstrated in porous tin metal, much work has been done on other porous alloy-

type materials including silicon31–36 and tin oxide.28–30 Understanding the failures and 

successes of those systems can be leveraged, and applied, to the porous tin under 

investigation in this study. The volume change in Si during electrochemical lithiation is 

comparable to that of Sn, and various porous silicon architectures have been shown to 

increase cycle lifetimes up to 300 cycles.31–36 In addition, nanoporous tin oxide shows 

favorable cycling characteristics; however, porous tin oxides still suffer from extremely 

low 1st cycle efficiencies typically of only ~40-50% due to the irreversible conversion of 

SnO2 to form Sn and LiO2.
27–29 Pure nanoporous tin metal, on the other hand, should have 

higher first cycle efficiencies than SnO2, while also benefiting from the longer cycle 

lifetimes associated with these porous nanoscale architectures.  

 

One facile synthetic route to nanoporous metals is dealloying,37,38 a top-down 

nanosynthesis technique where the most chemically active element is selectively removed 

from a dense parent alloy using acidic or alkaline aqueous electrolytes,39,40,41,42,43 often in 

combination with a bias voltage.44,45 Porosity evolution in tin metal was recently 
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investigated by Chen and Sieradzki  during dealloying of Li-Sn alloys with various 

compositions.46 They reported on nanoporous tin with the standard nanowire-like ligament 

morphology.46 In our preliminary work, we have found that nanoporous tin with such 

nanowire-like ligament morphology does not exhibit long cycle lifetimes, when used as 

anode material in Li-ion batteries. As a result, in this work we aim at developing 

nanoporous tin (NP-Sn) with a different ligament morphology.  Moreover, our goal is to 

directly produce nanoporous tin in powder form, rather than a monolithic piece of 

nanoporous metal, so that the NP-Sn powder can be directly integrated into composite 

electrodes using commercial battery electrode processing techniques. Finally, another 

important requirement for commercial battery electrodes is that the processing procedure 

should be low-cost and easily applicable for large-scale synthesis, and we have tried to 

incorporate those ideas since the inception of this project. 

 

Mechanically stable monolithic nanoporous metals are made by limiting the content of 

the sacrificial element in the parent alloy to between 60 and 75 at%.37,39,41,47 For the present 

work, we are interested in micrometer sized grains of porous Sn. Therefore we use parent 

alloys with high sacrificial element content (>80 at.% Mg) to promote fragmentation of the 

NP-Sn during dealloying.  Similar effects have been reported previously for nanoporous 

silver (NP-Ag) made by selective removal of aluminum from Ag-Al parent alloys with 

compositions in the range between Ag15Al85 and Ag5Al95 at.%.40 Material fragmentation 

and pulverization during dealloying was caused by the poor mechanical stability of 

dealloyed structures when more than 85 at.% of sacrificial Al was removed,40 and also by 

the high density of hydrogen gas released during Al dissolution.40 Similarly, in the present 
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work, the high content of sacrificial Mg and the large amount of H2 gas released during the 

selective corrosion of Mg, according to Equation 1, help break up the NP-Sn, resulting in 

a micrometer sized NP-Sn powder after dealloying. 

  

Mg(s) + 2NH4
+(aq) → Mg2+(aq)+ H2(g)   + 2NH3(aq)             (Eq.1)  

 

Here we use these methods to report on a novel 

NP-Sn powder made by selective dealloying with 

ligaments that are composed of very small Sn 

grains. We use a Sn-Mg binary system with 

composition Sn15Mg85 at.% as the precursor to 

this NP-Sn. Using synchrotron based transmission 

X-ray microscopy (TXM) we show that this novel 

NP-Sn structure is ideal for accommodating the 

large volume change associated with 

electrochemical lithium alloying.  In agreement 

with those ideas, we also demonstrate that NP-Sn 

has attractive energy storage properties, namely 

high capacity, good cycle lifetimes, and favorable 

kinetic performance. 

8.2. Results and discussion 

Figure 8.1. EDS spectrum of the 

Sn15Mg85 parent alloy before 

dealloying (a). EDS spectrum of NP-

Sn after dealloying showing that the 

magnesium signal vanishes as a result 

of the dealloying process (b). X-ray 

diffraction pattern of the parent alloy 

before dealloying (black), and of NP-

Sn after dealloying (blue) (c).  The 

dominant crystalline phase after 

dealloying is β-tin. 
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8.2.1. Microstructural and phase characterizations 

The EDS spectra of the parent alloy before and 

after dealloying are shown in Fig. 8.1a and 8.1b. 

The intense Mg signal, and lower intensity 

oxygen signal, observed in Fig. 8.1a have almost 

entirely vanished in Fig. 8.1b as a result of the 

dealloying process. Quantitative elemental 

analysis reveals that the residual Mg content in 

NP-Sn is below 5 at. %. Fig. 8.1c shows the XRD 

pattern of the parent alloy before (black) and 

after (blue) dealloying. The dominant phase in 

the parent alloy corresponds to the Mg2Sn 

intermetallic compound, and the calculated 

Scherrer size of this phase is 60 nm. This 

crystalline phase nearly vanishes after 

dealloying, resulting in NP-Sn that crystalizes in 

the standard tetragonal β-Sn structure (I41/amd 

space group) matching JCPDS card number 00-

004-0673. The Scherrer size of the β-Sn is 

smaller than the parent alloy, and is calculated to 

be 30 nm. The small amount of remaining Mg2Sn 

present in the final product has a calculated 

Scherrer size of just 30 nm, which indicates that 

 
Figure 8.2. Scanning electron 

microscopy images of NP-Sn at 

different magnification (a-c). The 

as-synthesized NP-Sn powder seen 

in the low magnification image 

consists of randomly shaped NP-Sn 

grains with sizes in the sub-10 μm 

range. The higher magnification 

images show the porous 

nanostructure, which consists of 

100-300 nm ligaments and pores. 
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this remaining phase has undergone significant 

change from the initial parent structure and is likely 

present only in very small domains.  Although we 

haven’t investigated the reaction mechanism in this 

study, future work is underway that should lead to 

better understanding of the formation mechanism of 

NP-Sn.   

The low magnification scanning electron 

micrograph (SEM) in Fig. 8.2a shows the 

microstructure of the NP-Sn powder dispersed on a 

carbon substrate. The as-synthesized particles have 

random shapes and sizes in the sub-10 µm range. The 

high magnification scanning electron microscopy 

(SEM) of these particles show that they are porous 

(see Fig. 8.2b). While the porous architecture in the 

NP-Sn is disordered, a common feature in most 

nanoporous metals,37,40,41,43,44,46,47,53,54 the ligaments 

exhibit a granular morphology (see Fig. 8.2c) rather 

than interpenetrating nanowire type morphology 

commonly found in dealloyed nanoporous 

metals.37,40,41,43,44,46,47,53,54 The average ligament 

diameter varies between ~100 and ~200 nm. The 

small scale structure of the ligaments was further 

 
Figure 8.3. Transmission electron 

microscopy images of NP-Sn at 

different magnifications (a-c). 

These porous ligaments are the 

primary building-block of this 

hierarchical structure, and are 

constructed from small 

nanoparticles. The 3D 

interconnections of these ligaments 

form the secondary pore structure 

of the hierarchical NP-Sn 

architecture. 
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characterized by TEM as shown in Fig. 8.3a-c. It can clearly be seen from these TEM 

micrographs that the ligaments consist of clustered ~5 nm Sn nanocrystals (Fig. 8.3c). This 

hierarchical structure is very well suited to accommodating volume change, and undergoing 

fast electro-kinetic reactions, throughout the cycling process.   

8.2.2. Nitrogen adsorption experiments 

Nitrogen adsorption experiments were performed in order to confirm the presence of 

porosity in the dealloyed NP-Sn powder. NP-Sn exhibits a type II N2 adsorption-desorption 

isotherm,55 with hysteresis occurring above 0.6 P/P0. This type of adsorption behavior is 

indicative of a material with both mesopores and macropores. The calculated BET surface 

area is 19 m2/g. Surface area is an extremely important metric for alloy type anode materials 

since formation of the solid electrolyte interphase (SEI) occurs at the surface, and that 

surface film can greatly affect the performance characteristics. We speculate that the 

surface area of our NP-Sn is nearly optimal, in that the charge transfer rate is increased by 

increasing the flux of Li-ions at the surface, without the risk of extreme amounts of SEI 

being formed due to very large surface areas. The average pore size calculated from the 

Barret-Joyner-Halenda (BJH) model using the adsorption isotherm is ~70 nm with a total 

pore volume of 0.045cm3/g. Using that pore volume, the percent porosity of NP-Sn is 

estimated to be 25%. As shown later, this open porous system combined with the granular 

ligament morphology is incredibly good at accommodating the cycling induced volume 

change ~300%, taking place when the NP-Sn powder is electrochemically alloyed with Li.  

8.2.3. X-ray photoelectron spectroscopy 

X-ray photoelectron spectroscopy (XPS) was carried out to characterize the surface of 

NP-Sn. The XPS survey scan indicates the presence of Sn, oxygen, carbon, and magnesium. 
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Fig. 8.4a shows the high resolution XPS 

spectrum of the Sn 3d3/2 and 3d5/2 signals 

which are fitted and assigned to three 

different chemical states. The binding 

energy of the 3d5/2 peak at 485.4 eV and 

488.0 eV agrees well with metallic Sn,56 

and SnO2,
57 respectively. The peak at 490.2 

eV and its pair at 498.7 can be assigned to 

SnO3
-2 or H2SnO3 type species.58 The 

surface of our NP-Sn likely contains 

insoluble stannic acid related species, 

which were produced from the reaction of 

tin and the acidic corrosion media. 

Typically bulk stannic acid is produced 

from the reaction of hot nitric acid and tin, 

so it is reasonable that some surface species 

could be similarly created here.59 Fig. 8.4b 

shows the high resolution O1s spectrum are 

fitted with two peaks at 530.0 eV and 533.3 

eV. The peak at lower binding energy 

corresponds to oxygen in tin oxide, while 

the peak at higher binding energy is associated with MgO, Mg(OH)2 and MgCO3.
60,61 Given 

the low penetration depth of XPS, the presence of both metallic Sn and tin oxide in the XPS 

 
Figure 8.4. High resolution XPS spectra 

showing the Sn 3d region (a), and the O 1s 

region (b). XPS has a very shallow 

penetration depth, so the presence of both tin 

metal and tin oxide in the XPS spectra 

indicates that the surface of the NP-Sn is 

covered with only a thin oxide layer.  That 

layer is likely converted to tin and Li2O during 

the first lithiation cycle.  
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spectra indicates that the surface of the 

material is covered with only a thin tin 

oxide layer, which is likely reduced to Li2O 

and Sn during the first electrochemical 

cycle. 

8.2.4. Electrochemical performance 

The electrochemical properties of NP-Sn 

were evaluated with composite electrodes 

consisting of NP-Sn active material, vapor 

grown carbon fibers (VGCF), and 

carboxymethyl cellulose (CMC) binder. 

Previous studies have shown that VGCF 

form continuous conductive pathways 

more easily than carbon black 

nanoparticles and can even help increase 

cycle lifetimes of conversion-type and 

alloy-type electrodes.50,51 Another 

advantage of this composite electrode 

formulation is that since CMC is utilized as 

the binder, water can be used as a solvent to 

process the electrode. This formulation 

effectively eliminates the need for n-methyl-2- pyrrolidone, which is an expensive and toxic 

solvent used in Li-ion composite electrodes.62 The slurry electrodes are ~15 µm thick,a dn 

 

 
Figure 8.5. Nyquist plots of the first six 

cycles of a NP-Sn electrode recorded at 1.0 V 

after a 60 second rest (a). Charge transfer 

resistance calculated from the mid-frequency 

semicircle region the Nyquist plots (b). This 

data shows that the charge transfer resistance 

significantly decreases as the thin tin oxide 

surface layer on the NP-Sn is reduced. 
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are comprised of an interwoven network of carbon fibers that allow for hierarchical support 

of the NP-Sn should any small volume expansion occur that is not accommodated by the 

porous architecture.  

The electrochemistry of the NP-Sn half cells were investigated using galvanostatic 

measurements. One high current activation cycle (insertion and deinsertion at 1 A/g or 

1.5C) was performed over the voltage range from the OCV of the as synthesized Sn (2.6-

2.4 V vs. Li/Li+) down to 0.07 V and then back up to 1V. This activation pulse is used to 

reduce any SnO2 on the surface of the Sn, converting it to a LixSny alloy and then back to 

Sn.  Tin has been shown to be catalytically active toward electrolyte decomposition, so fast 

reduction of the surface oxide can lead to a thinner solid electrode interphase (SEI) layer.63  

This idea is confirmed by electrochemical impedance spectroscopy, which shows that the 

charge transfer resistance decreases significantly after the first cycle, and continues to 

decrease during the first 5 cycles. This decrease in charge transfer resistance can be 

attributed the conversion of the poorly conducting SnOx (0<x≤2) surface layer to a more 

conductive interphase layer (Fig. 8.5).  

Fig. 8.6a shows the capacity vs. voltage curves of NP-Sn collected at 250 mA/g (0.38C). 

These curves show several plateaus that are indicative of two phase reactions between 

LixSny phases.64 The first cycle coulombic efficiency (after the formation cycle) of the NP-

Sn based material is 70%, which is similar to or better than other Sn based electrodes 

reported in the literature.22,25 Because of the complication of the activation cycle, we also 

looked at first cycle efficiency without the activation cycle and found very similar values 

for coulombic efficiency (67%) measured at a low current density of 100 mA/g (0.15C), 
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too. Using this low current density, the first insertion capacity of Li-ions into NP-Sn, is 932 

mAh/g, while the subsequent deinsertion process delivers 628 mAh/g. In Table 8.1 we 

compare our work to other Sn and SnO2 based nanostructures. As we discussed in the 

introduction, SnO2 has an extremely low 1st cycle efficiency,27–29 and the improved first 

cycle coulombic efficiency of NP-Sn (Table 8.1) illustrates the benifit of designing tin 

metal nanostructures (NP-Sn) rather than SnO2 based nanostructures. This low 1st cycle 

efficiency represents decomposition of the electrolyte, and in a commercial battery, extra 

electrolyte would need to be added to compensate this electrolyte loss, which in turn would 

decrease the overal energy density of the battery. 

 Beyond issues of first cycle efficiency, Fig. 8.6b, shows the extended cycling 

performance of NP-Sn at 250 mA/g (0.38C).  The coulombic efficiency quickly increases 

to 97% by the third cycle, which suggests that the SEI layer formed during these first few 

 
 

Figure 8.6. Voltage as a function of capacity for NP-Sn at current density of 250 mA/g (0.38C) 

(a).  Red, black, blue, and green traces correspond to the 1st, 25th, 50th, and 100th cycle, 

respectively. Capacity and coulombic efficiency recorded at 250 mA/g as a function of the 

cycle number showing the long cycle lifetime (b).  Charge curves are shown in black, discharge 

in blue. One high current activation cycle (insertion and deinsertion at 1 A/g or 1.5C) was 

performed over the voltage range from the OCV of the as synthesized Sn (2.6-2.4 V vs. Li/Li+) 

down to 0.07 V and then back up to 1V prior to long term cycling. 
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cycles is stable, and that parasitic side reactions have largely been passivated. It will be 

shown in the following section that the porous architecture enables this NP-Sn material to 

expand without cracking, which is a typical failure mechanism that leads to uncontrolled 

growth of the SEI layer and ultimately cell failure. A capacity increase during the first 5 

cycles of 12% from 578 mAh/g to 658 mAh/g is observed, and is correlated to the decrease 

in charge transfer resistance measured by impedance spectroscopy over the same interval 

(see Fig. 8.5). Near the 70th cycle the capacity reaches a maximum value of 693 mAh/g, 

and the capacity only starts to slowly decay after 150 cycles. After nearly 300 cycles, 80% 

of the maximum capacity remains (555 mAh/g). Finally after more than 350 

charge/discharge cycles, 72% of the capacity, or 500 mAh/g remains, which is an excellent 

demonstration of the practical ability of this nanoscale architecture to accommodate the 

volume change that occurs during alloying. Again Table 8.1 illustrates the superior cycle 

lifetime of NP-Sn compared to other state of the art nanostructured Sn and SnO2 materials. 

While most reports only report lifetimes of 100 cycles or below, our NP-Sn was cycled 350 

times. In order to make a more direct comparison with these shorter lifetime tests, a capacity 

decay rate was calculated from the data in Table 8.1. We define this decay rate as the 

discharge capacity loss, normalized by the number of cycles (mAh/g/cycle). The decay rate 

of our NP-Sn is significantly lower than the materials in this table, illustrating again the 

excellent reversibility of NP-Sn. This table is not meant to be an exhaustive list, but is 

provided to understand the impact of our work. For a more extensive list of the cycling 

performance of tin, several reviews have been published.19,20  
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As discussed above, it is believed that the microscopic morphology of the electrode at 

the nano/meso scale plays a key role in the electrochemical cycling and affects the battery 

lifetime significantly. For direct three-dimensional (3D) visualization of the battery 

electrode, we performed transmission X-ray microscopy on the electrodes recovered from 

a series of battery cells at different cycling stages. 65–68 The 3D renderings of the electrode 

at three different stages of the electro-chemical cycling are shown in Fig. 8.7. The 

tomography data in fig. 8.7a-c show that the NP-Sn secondary particles have a wide size 

distribution as was previously determined by SEM analysis. Fig. 8.7d shows that the 

individual pristine particles consists of an interconnected network of random meso- and 

nanopores that arise from the dealloying process.  The magnified views of the selected 

representative areas (bottom row of Fig. 8.7) show that Li22Sn5 and delithiated β-Sn remain 

Material type 

1st  
discharge 
capacity 
(mAh/g), 

(rate) 

1st  
charge 

capacity 
(mAh/g), 

(rate) 

1st cycle 
Columbic 
efficiency 

(%) 

Reversible 
capacity after (n) 

cycles 
(mAh/g), (rate) 

Decay 
rate 

(mAh/g
/cycle) 

Reference 

Porous tin 932, 
0.100 A/g 

628, 
0.100 A/g 

67 350, 500, 0.250 
A/g  

0.366  this work 

Sn nanoparticles 1580, 
0.099 A/g 

880, 
0.099 A/g 

56 70, 700, 0.099 A/g 2.57 23 

Interconnected 
SnO

2 
super 

lattice 

1570, 
0.600 A/g 

676, 
0.600 A/g 

43 100, 600*, 0.600 
A/g  

0.760** 29 

Ordered porous 
SnO

2
 

1650
*
, 

0.078 A/g 
800

*
, 

0.078 A/g 

48 100, 564, 0.391 
A/g 

2.36 30 

Highly porous 
SnO

2
 nanotubes 

1781, 
0.100 A/g 

937  
0.100 A/g 

53 50, 645, 0.100 A/g 5.84 77 

Hollow SnO
2
 

nanostructures 

1602, 
0.100 A/g 

878, 
0.100A/g  

55 50, 545, 0.100 A/g  
6.66 

78 

 
Table 8.1. Electrochemical performance data of nanostructured Sn and SnO2.

* Indicates 

value estimated from a published graph. **The decay rate was calculated from the capacity at 

the 100th cycle rather than the 200th cycle, since the capacity increases from ~600 mAh/g to ~ 

650 mAh/g between the 100th and 200th cycle. 
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porous with interconnected ligaments. Fig. 8.7e is particularly poignant because it shows 

that even in the fully lithiated state, after a reported ~300% volume expansion, the initially 

detected random porosity and interconnected ligaments still remain. These observations 

 

 
 

Figure 8.7. Three dimensional visualization of the nano/meso structure of the Sn electrode at 

different cycling stages. Panel (a) shows the pristine sample; panel (b) is the electrode 

recovered after one electro-chemical cycle at 1.2 V; panel (c) shows the fully lithiated sample 

at 70 mV. Panels (d), (e), and (f) are the magnified isosurface renderings of the highlighted 

areas in panels (a), (b), and (c), respectively. The scale of each volume is indicated in the panels. 
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indicate that the porous architecture can accommodate the Li-induced expansion, while still 

preserving void space for electrolyte diffusion.  

Previous transmission X-ray microscopy studies on bulk Sn have suggested that the 

major failure mechanisms in tin based electrodes is significant cracking during charge and 

discharge, which exposes fresh tin surfaces that can participate in further electrolyte 

decomposition.69–71  In turn, this insulating SEI layer increases the cell impedance and 

decreases the lifetime. In addition, the carbon electrode matrix permanently deforms during 

the expansion process, leading to Sn that is electronically isolated from the conductive 

matrix.69–72 Combining the observation that porosity is retained at both charged and 

discharged states in TXM, and the long-term cycling stability, seems to indicate that 

extreme volume change is reduced significantly in this system. This observation is in good 

agreement with the idea that a porous morphology at nano/meso scale provides positive 

impact on the battery cycling lifetime. 28–36,73 

We would like to point out that the material described here does not achieve the full 

theoretical capacity associated with the Li22Sn5 phase, which corresponds to a capacity of 

990 mAh/g. The maximum capacity achieved for NP-Sn is 693 mAh/g. In this study we 

have sacrificed ~10% of the capacity (~70 mAh/g) by limiting the lower voltage cut-off to 

70 mV.  Previous studies have shown that underpotential Li deposition occurs on graphite 

surfaces, especially at fast rates, which can negatively affect the cycle lifetime.74,75  Even 

with the higher 70 mV cut off voltage, however, the Li22Sn5 phase is still formed. The 

Li22Sn5 phase (2.05 g/cm3) is markedly lower in density than β-Sn phase (7.3 g/cm3) and 

conversion to this phase represents the largest volume change during the electrochemical 

lithiation.10 The data presented in this manuscript thus suggests that the improved 
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electrochemical performance shown here is achieved by controlling material properties, 

and not by artificially preventing the formation of Li22Sn5 through control of the lower 

voltage cut off. Furthermore, ~5% magnesium remains in the final material, as confirmed 

by XRD and EDS (Fig. 8.1). This further lowers the accessible capacity by at least ~50 

mAh/g. We are currently investigating effective approaches to leach out the residual Mg 

from our NP-Sn without damaging/coarsening the porous microstructure.  Despite these 

issues, the capacity of 693 mAh/g achieved in this work represents a near doubling of the 

specific capacity of graphite used in commercial applications. 

Even though most works on high-performance battery anodes concentrate on achieving 

very high gravimetric capacities, in practical Li-ion batteries, anode capacities above 1000 

mAh/g add very little to the total energy density of the full battery due to electrode capacity 

matching considerations.76 As a result, tripling or quadrupling the gravimetric capacity of 

an anode material does not lead to the same magnification in total cell capacity. Volumetric 

energy density, on the other hand, is an extremely important metric because of the size 

limitations in most end-use applications. In comparison to graphite, tin has a nearly three-

fold higher theoretical volumetric capacity compared to graphite.8 The calculated 

volumetric capacity of the material investigated here is nearly 1400 mAh/cm3, which is 

nearly double that of the theoretical value for graphite (based on the density of Li22Sn5 of 

2.05 g/cm3, and maximum capacity of 693 mAh/g).7,8  This increased volumetric capacity 

will have a significant effect on the reduction in overall size of a full cell battery.  

Finally, the kinetic performance of NP-Sn was investigated through galvanostatic charge 

and discharge from 100 mA/g (0.15C) to 1000 mA/g (1.5C). Fig. 8.8a and 8.8b shows that 
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the charge storage capacity NP-Sn is nearly independent of rate between 100-500 mA/g  

(0.15-0.77C) retaining over 93% of the original capacity at 500 mA/g (0.77C). Even at 1 

A/g (1.5C), 545 mAh/g can be accessed, which is 3-fold higher than graphite at the same 

current density.4 We speculate that the fast kinetics arise from the synergistic effect of the 

hierarchical electrode structure. That is to say, the porous Sn powder consists of 

interconnected nanograins that are electrically well connected to the macroporous carbon 

 

 
Figure 8.8. Capacity of NP-Sn as a function of cycle number at different current densities (a).  

Charge data is shown in black, discharge in green. Discharge capacity of NP-Sn as a function 

of the deinsertion time (b). 
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fiber electrode network. The interplay between that ideal porosity across multiple length 

scales, and a highly electrically conducting network enable this NP-Sn system to undergo 

extremely fast charge transfer.  

 

8.3. Conclusions 

Micrometer sized grains of nanoporous Sn have been synthesized through a simple and 

scalable selective alloy corrosion method. The ligament morphology in the nanoporous Sn 

is comprised of aggregated nanoparticles, rather than the more widely observed solid 

nanowire-like morphology. When used as anode material in a Li-half cell, Sn metal with 

this porous architecture exhibits long cycle lifetimes of over 350 cycles. Synchrotron based 

ex-situ X-ray tomography was used to examine the origins of the markedly improved 

cycling lifetimes. This experiment has led to the understanding that the novel nanoporous 

Sn architecture is preserved in the lithiated state and helps to accommodate the extreme 

volume expansion during cycling. Beside the long cycle lifetimes, good kinetic 

performance is exhibited by the nanoporous Sn powder. At a current density of 1 A/g  

(1.5C), over 84% of the initial capacity is recovered. This work demonstrates that 

nanoporous metals are ideal architectures for alloy-type electrochemical energy storage 

materials. This favorable behavior is enabled by the fact that nanoporous metals exhibits a 

very good intrinsic electrical conductivity and at the same time, they are able to 

accommodate the Li storage-induced volume change.  

 

8.4. Experimental 

8.4.1 Synthesis of nanoporous Sn powder 
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A Sn15Mg85  at.% master alloy was made by melting pure Sn (1N, Alfa Asear) and Mg 

(1N, Alfa Asear) at 700oC in a graphite boat, using a quartz tube under argon flow. The Mg 

content in the master alloy was initially taken to be about 10% higher than the desired 

content in order to compensate for Mg evaporation during melting. The melt was mixed by 

repeated mechanical shaking of the graphite boat.  The amount of Mg evaporated during 

the melting process was tracked from the loss of weight of the master alloy. The alloying 

process was stopped when the desired weight loss from the master alloy, as a result of Mg 

evaporation, was achieved (i.e. evaporation of the excess ~10% Mg). The as synthesized 

alloy was brittle and displayed a purple color. In a typical synthesis procedure, the final 

weight of our Sn15Mg85 at. % parent alloy was ~2.5 g and the corresponding amount of NP-

Sn generated during dealloying was ~1.1 g. We emphasize that, with respect to scaling-up 

the processing, the amount of parent alloy (2.5 g) was only restricted by the size of the 

graphite boat; the procedure is easily scalable for the synthesis of a large amount of NP-Sn. 

 

Mg was selectively removed from the above ~2.5 g of Sn15Mg85 at.% parent alloy by 

free-corrosion dealloying in 300 mL of 1 M ammonium sulfate.48,49 During dealloying, the 

initially colorless ammonium sulfate solution turns dark grey or black within a few minutes 

as the parent alloy begins to break apart and the powder disperses in the solution. The color 

of the solution (dark grey or black) depends on the exact size of the micron-scale NP-Sn 

powder grains, and thus on the Mg:Sn ratio. After a few minutes, the dark grey solution 

containing dispersed NP-Sn powder was decanted to separate from the unreacted Sn/Mg 

parent alloy, and diluted 2x (or more) with DI water to limit the coarsening of the freshly 

dealloyed NP-Sn powder.  Another 300 mL of 1M ammonium sulfate was then added to 
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the original piece of parent alloy, and the process was repeated multiple times until the 

Sn/Mg parent alloy was fully dealloyed.  

Powders were collected by simple gravity sedimentation, the diluted ammonium sulfate 

solution was decanted, and the powders were washed several times with DI water until the 

pH was 7. After washing, energy dispersive X-ray spectroscopy (EDS) analysis of the NP-

Sn particles did not show any trace of sulfur (S) from the ammonium sulfate. 

 

8.4.2. Electrode preparation and electrochemical studies 

The anode was similar to those used previously for Si, and was made from a slurry 

consisting of 66 wt.% NP-Sn powder, used as the active component for Li storage, 16 wt.% 

vapor grown carbon fibers (Sigma Aldrich), used as conductive additive, and 18 wt.% 

carboxymethyl cellulose (Mw=250K, Sigma Aldrich), used as binder.50,51 The electrode 

components were mixed together with water by ball-milling in order to obtain a 

homogeneous thick paste. The slurry was then cast on 9 µm copper foil (MTI Corp), dried 

at ambient temperature for 1 h, and further dried at 70°C under vacuum overnight to 

evaporate the excess solvent. The mass loading of the electrode was ~1 mg/cm2 of active 

material. These electrodes were assembled into 2016 coin cells using lithium metal as the 

counter electrode, glass fiber (Watman) as the separator, and 1 M LiPF6 in a 1:1 ethylene 

carbonate/dimethylcarbonate solvent (Sigma Aldrich) with 5% (v/v) fluorinated ethylene 

carbonate (TCI America) as the electrolyte. Half-cell cycling was studied between 0.07 and 

1.0 V (vs. Li/Li+) using an Arbin BT-2000. Electrochemical impedance spectroscopy was 

carried out on a VSP potentiostat/galvanostat (Bio-Logic). The impedance measurements 

were performed on two-electrode coin cells between 900 kHz and 100 mHz using a 10 mV 



205 

signal. Impedance data was collected at 1V after each deinsertion cycle. A 60 second rest 

was applied before each impedance measurement, during which time the voltage of the cell 

dropped from 1000 mV to ~950 mV. The 1C rate is defined as 650 mA/g. 

 

8.4.3 Structural Characterizations 

Powder X-ray diffraction (XRD) was performed in a PANalytical X’Pert Pro operating 

with Cu Kα (λ = 1.5418 Å) using a 0.03° step size, a voltage of 45 kV, and a current of 40 

mA. XRD patterns were recorded in the range of 10° < 2𝜃 < 80°. Transmission electron 

microscopy (TEM) was performed using a FEI Technai T12 operating at 120 kV. Nitrogen 

porosimetry was carried out using a Micromeritics TriStar II 3020. The surface area was 

calculated from the adsorption branch of the isotherm between (0.04 – 0.30 P/Po) using the 

Brunauer-Emmett-Teller (BET) model. The pore diameter and pore volume were also 

calculated from the adsorption branch of the isotherm using the Barret-Joyner-Halenda 

(BJH) model. X-ray photoelectron spectroscopy (XPS) analysis was performed using a 

Kratos Axis Ultra DLD with a monochromatic Al (Kα) radiation source. The charge 

neutralizer filament was used to control charging of the sample, a 20 eV pass energy was 

used with a 0.1 eV step size, and scans were calibrated by shifting the C 1s peak to 284.8 

eV.  Integrated peak areas and atomic ratios were found using the CasaXPS software. The 

atomic sensitivity factors used were from the Kratos library within the Casa software. 

Transmission X-ray Microscopy was performed at beamline 6-2C of the Stanford 

Synchrotron Radiation Lightsource (SSRL) at the SLAC National Accelerator Laboratory. 

X-rays at 7 keV were used to perform non-destructive investigation of the electrode 

morphology at the nano/meso scale. The electrode samples were peeled off the metal 



206 

current collector to avoid unnecessary absorption of the X-rays by the copper foil. The 

samples were kept in steady helium flow during the measurement to avoid oxidation by air 

and to mitigate heat load from the focused X-ray illumination. Projection images were 

collected over an angular range of 180 degrees with step size of 1 degree. 3D volumes at 

about 16 × 20 × 30 μm3 were reconstructed with voxel size at 27.3 × 27.3 × 27.3 nm3 using 

the in-house developed software package known as TXM-Wizard. 52 
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CHAPTER 9 

Reducing the large volume change in alloy anodes through porous nanoscale architectures 

 

9.1. Intro 

Graphite has been used as an anode in most Li-ion batteries for over 20 years for its 

ability to intercalate Li-ions, high electronic conductivity, low volume change during 

cycling and long cycle lifetime.1–5 Even though graphite is a widely used negative electrode in 

commercial applications, its low capacity for Li-ions (1 Li-ion per 6 carbon atoms) and low 

density lead to a mediocre gravimetric storage capacity of 372 mAhg-1 and volumetric storage 

capacity of 756 mAhcm-3.1,6,7  In response for a desire for higher energy density Li-ion batteries, 

research on materials that electrochemically alloy with lithium ions is an extremely active 

because these materials can store significantly more energy through multi-electron processes.6,8–

13 Tin is an attractive candidate for high energy density applications for its high gravimetric 

storage capacity of 960 mAhg-1 and volumetric storage capacity of 1990 mAhcm-3.6,14,15 One 

significant issue that has limited the use of tin in commercial applications (along with most other 

alloy-type materials) is that tin expands ~300% resulting in the rapid decay of capacity with 

cycling. 13,14,16–20 These volume changes lead to cracking and irreversible decomposition of the 

electrolyte on these freshly formed cracked surfaces.17,18,21 These degradation processes 

ultimately lead to electrical isolation of large portions of the active material, which no 

longer contribute to the capacity of the battery.  

Nanostructuring tin, and other alloy-type materials, is a proven technique to mitigate the 

abovementioned cycling induced degradation. A common failure mechanism in alloy-type 

materials arises from inhomogeneous volume change within a particle due to diffusion limited 
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Li-ion diffusion kinetics.9 The lithiation tin occurs at the outer surface because this surface is in 

contact with the electrolyte. The mismatch of lithiation rates within a single particle causes the 

surface to expands more rapidly than the inner core, and the volume mismatch of the lithium rich 

and lithium deficient phases leads to interfacial strain build-up. Typically, the strain is typically 

relived by crack propagation, which degrades the active material.. Reducing the dimension of the 

particles effectively decreases the diffusion pathlengths, and promotes homogeneous lithiation / 

delithiation within a single particle. In practice, small tin nanocrystals have been shown to 

significantly improve cycle lifetimes compared to their bulk counterparts.22–24 However, the 

main disadvantage of using small nanocrystals is the large inter-particle contact resistance as a 

result of these material’s intrinsically high surface area. 

Nanoporous structures are an ideal architecture to resolve the aforementioned issues. The 

Tolbert group has developed nanoporous tin that can be cycled 350 times while retaining over 

72% of the initial capacity.25  Additionally, various porous silicon26–32 and porous tin oxide33–

35 architectures have also been shown to significantly increase the cycle lifetimes of these 

high capacity alloy-type materials compared to the dense non-porous form. While these 

studies offer practical solutions for increasing the lifetimes of alloy-type materials, it is not 

well understood how the volume change is actually accommodated in these porous structures.    

Various techniques have been used to understand the structural changes of nanostructured 

alloy anodes during cycling. Transmission electron microscopy (TEM) has been used to follow 

the alloying reaction of single SnO2 nanowire, which provided a visual understanding of the 

lithiation mechanism and the huge anisotropic volume change in these 1-D materials.20 While 

TEM has several advantages, it is generally limited to imaging thin specimens in a small field of 

view. These constraints preclude the study of thick samples in their native electrode 
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environment, so that the results represent actual operating conditions. Transmission X-Ray 

Microscopy (TXM) addresses these limitations, but had traditionally been limited to micrometer 

scale resolution.36 Recent advances in this technology have enabled nanometer scale resolution 

on Beamline 6-2 at the Stanford Synchrotron Lightsource Laboratory (SSRL). 37–39 The large 

field of view, high flux, and hard X-ray radiation suite this technique for studying battery 

materials in their native slurry electrode environment with nanoscale resolution. TXM has been 

used for a variety of operando studies, including bulk tin, Li-sulfur, and bulk germanium. 37–43 In 

all cases the direct imaging of these active materials during the operation of the battery has led to 

a fundamental understanding of the mechanisms responsible for structural changes that occur 

during charge storage.  

In this study we utilize synchrotron based TXM to study the effects of porosity on the 

volume change occurring in tin during the electrochemical alloying reaction with lithium. We 

compare micrometer size dense tin to nanoporous tin. Our results indicate that the porous 

nanostructured tin expands significantly less than bulk tin due to the internal void space of the 

pores. TXM is an excellent method to examine both the nanoscopic changes of the porous 

material along with the micrometer level changes that are occurring in individual tin particles.   

     

9.2 Results discussion 

9.2.1 Structural characterization 

We recently reported a novel method for preparing porous tin by selectively dealloying 

magnesium from a Sn15Mg85 alloy.25 The synthesis method produces 1-10 μm diameter grains that 

are comprised of an interconnected 3-D nanoporous structure with ~25% internal porosity. This 
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nanoporous tin (NP-Sn) material showed excellent capacity retention (350 cycles while still 

maintaining 72% of the original capacity) when cycled in a traditional slurry electrode vs. lithium 

metal. The high reversibility of this material makes this system an ideal platform to study how 

nanoscale porosity influences electrochemical stability in alloy-type materials. 

 In this report, we synthesized NP-Sn for this study according to the methods already 

established in our previous report.25 The SEM images shown in Figure 9.1 a, and b clearly show 

the intrinsic porous nanoscale architecture. The backscattered SEM image in Figure 9.1 c shows a 

NP-Sn particle (bright) in its native carbon fiber-based electrode environment, where the dark 

 
 

Figure 9.1. Microscopy characterization of NP-Sn. Secondary electron images of NP-Sn 

showing particles between 1-10 μm that are comprised of an interwoven network of 

interconnected solid tin nano-ligaments and nano-pores (a,b). Backscattered image of NP-Sn 

after ball mill slurry processing showing that these structures are not compromised during the 

vigorous mixing process (c). Transmission X-ray microscopy absorption image of NP-Sn 

demonstrating the nano-scale resolution of this technique that allows visualization of the 

nanoscale pores and ligaments (d). 
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striations are carbon fibers. This SEM image demonstrates that the ball milling process used to 

incorporate the hydrophobic carbon fibers and the NP-Sn into the aqueous binder does not modify 

the morphology of the NP-Sn. Finally, the absorption TXM image presented in Figure 9.1 d, shows 

the edge of a pristine NP-Sn particle before cycling, which shows similar spherical-type pores that 

are also observed the backscattered SEM image. The TXM image demonstrates the excellent 

contrast and resolution afforded by the microscope.  

The XRD pattern of the dealloyed NP-Sn powder is consistent with tetragonal tin (JPCS 

no. 00-004-0673). the nitrogen isotherm of NP-Sn, which displays hysteresis above 0.5 P/P0 

indicating the presence of mesoporosity.44,45 The Barrett-Joyner-Halenda44 cumulative pore 

volume vs. pore width plot shows that ~60% of the pore volume derives from pores that are within 

the 2-D resolution limit of the microscope at beamline 6-2 at Stanford Synchrotron Radiation 

Lightsource (>30 nm). The pore volume distribution is weighted towards smaller pores. The 

analysis estimates that 96% of the pores are below 100 nm in diameter. It is generally accepted 

that porous structures, such as the one described here, are able to accommodate volume expansion, 

which is thought to increase the cycle lifetimes.25–29,31,33–35,46 Through operando TXM we will 

directly observe the mechanisms, which lead to the increased cycle lifetimes. We expect the results 

can be applied to various other alloy-type materials like silicon and germanium. 

9.2.2 Electrochemistry 

The electrochemical lithiation and delithiation of tin proceeds through a number of distinct 

crystalline Li-tin phases.47 The maximum theoretical capacity of tin is 990 mAh/g, corresponding 

to the Li22Sn5 phase, which begins to forms around 380 mV vs. Li/Li+ at 25°C.15,48,49 Volume 

expansion occurs during lithiation as a result of the formation of lower density Li-Sn phases. 

Since tin is a fairly dense material (7.2 g/cm3), the volume change associated with forming the 
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Li22Sn5 (2.56 g/cm3) phase is severe enough to pulverize the material.48  As mentioned above, the 

porous tin we developed cycles reversibly despite the large intrinsic volume changes that 

typically occur during cycling as a result of the unique nanoscale architecture.25 of micrometer 

spherical tin powder, and NP-Sn powder in a slurry electrode which demonstrates the lifetime 

enhancement porosity affords this materials system. The cycling lifetime characteristics of dense 

tin is as expected, and quickly fails after 5 cycles, while NP-Sn retains 72% of its capacity over 

350 cycles. By comparing the structural evolution of both dense tin and the robust NP-Sn, we 

 
 

Figure 9.2 The operando voltage vs. capacity plots of dense tin (a) and NP-Sn (b) normalized 

by only the mass of tin in the electrode. The current density used for the dense tin electrodes 

was 356 mA/g, and the current density used for NP-Sn was 724 mA/g.  Plots of dQ/dV for 

dense tin (c) and NP-Sn (d) showing typical profiles for the lithiation/delithiation of tin. The 

dQ/dV profile for NP-Sn is broadened compared to dense tin indicative of the high surface area 

nature of the material. 
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aim to develop a structural understanding of just how porous structures accommodate volume 

expansion during cycling.  

X-ray transparent electrochemical pouch cells8 were galvanostatically cycled to drive the 

Li insertion and deinsertion processe. The galvanostatic traces of dense tin and NP-Sn collected 

during the operando measurement are shown in Figure 9.2 a and b, respectively. As a result of 

the nanoporous architecture, the deinsertion process of NP-Sn delivers a deinsertion capacity of 

728 mAh/g compared to 588 mAh/g for dense tin,  demonstrating better utilization of the active 

material. The dQ/dV traces of dense tin (Figure 9.2 c) and NP-Sn (Figure 9.2 d) show the typical 

voltage signatures for the lithiation/delithiation of tin. The dQ/dV profiles for NP-Sn are broader 

than dense tin due to the high surface area of the material, which has been reported previously.24 

In order to image single NP-Sn particles with TXM, a large percentage (~55%) of carbon fibers 

is used in these electrodes to decrease the particle loading density, which isolates just a few 

particles within the microscope’s field of view. However, this leads to a poor first cycle 

efficiency (~47%) mainly from the high fraction of carbon fibers. The carbon fibers used in this 

study are a graphitic form of carbon, with significant crystalline defect density, which tends to 

trap lithium ions leading to poor reversibility (of the carbon fibers only).50 The first insertion 

process is comprised of irreversibility from solid electrolyte interphase (SEI) formation, along 

with lithium ion trapping in the carbon fibers. We should note that these processes do not affect 

the TXM imaging because the X-ray absorption cross-section of these decomposition products 

are negligible at this X-ray energy. In the following section we display TXM images that 

correspond to these galvanostatic traces in Figure 9.2, and make correlations between structure 

and electrochemistry. 

9.2.3 Transmission X-ray microscopy 
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The images shown in Figure 9.3 were collected from the X-ray transparent pouch cells8 

(discussed above) using TXM during continious galvanostatic cycling. Two different 38μm x 

38μm regions were imaged (20 second delay between regions) with a six minute delay between 

images in the same region. Working directly below the Cu K-shell absorption edge (8.98 keV) 

afforded excellent X-ray transmission through the 9 μm thick copper current collector, while also 

providing excellent contrast between tin and the other battery components. The dense tin particle 

in Figure 9.3a (top) clearly shows expansion and crack propagation as the Li-concentration 

increases, which has been reported previously using TXM.40,42,43 We have defined the percent areal 

expansion in Equation 1. 

𝐴𝑟𝑒𝑎𝑙𝑒𝑥𝑝𝑎𝑛𝑠𝑖𝑜𝑛(𝐸) = (
𝑎𝑟𝑒𝑎𝐸

𝑎𝑟𝑒𝑎𝑂𝐶𝑉
− 1) · 100                     Equation 1 

where the areal expansion is a function of the voltage E, and areaE is the area of the tin particle at 

voltage E, and areaOCV is the area of the pristine particle (before lithation). 

 The areal expansion of this dense tin grain was quantified from these images, using Image 

J, and is plotted as a function of  voltage (Figure 9.4, black squares).The areal expansion of this 

particle is 9% at 0.28 V followed by a large expansion to 134% of its original size at 0.05 V 

Assuming spherical symmetry and homogenous expansion, geometrically the volume expansion 

can be estimated from the areal expansion through the following geometric relationship in 

Equation 2: 

𝑉𝑜𝑙𝑢𝑚𝑒𝑒𝑥𝑝𝑎𝑛𝑠𝑖𝑜𝑛 =� √𝐴𝑟𝑒𝑎𝑒𝑥𝑝𝑎𝑛𝑠𝑖𝑜𝑛
3/2

            Equation 2 

Using Equation 2 the calculated volume expansion is 260% in agreement with previous 

reports on tin based materials.41 Another consideration, which effects the reversibility in dense tin, 
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is that the volume change mostly occurs at the end of the insertion process, again also consistent 

with previous reports.31 This accelerated expansion is one factor responsible for crack formation, 

seen in our TXM images, which expose new surfaces to the electrolyte that can undergo reaction.31 

Significant degradation to the material has occurred by this point, and as a result only some of the 

 
 

Figure 9.3 Absorption images of tin collected from an X-ray transparent pouch cell using a 

Transmission X-ray microscope at 8.95 KeV. Decreasing voltage (left-to-right) corresponds to 

increasing Li-concentrations (a). Dense tin (top) undergoes a burst-expansion mechanism, 

which occurs predominantly at the end of the insertion process. This process leads to 

tremendous strain in the material followed by crack propagation observed at 0.05V. The NP-

Sn (bottom) expands less than dense tin and evolves to the final lithiated state more 

homogeneously. Increasing voltage (left-to-right) corresponds to decreasing Li-concentrations 

(b). Dense tin (top) was irreversibly deformed, and does not return to its original shape or size 

indicating poor utilization of the active material. The nanoscale architecture NP-Sn (bottom) 

contracts back nearly to its original size leading to the long cycle lifetimes of this material. 
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capacity can be recovered. Figure 9.4 shows that the particle does not contract back to its original 

size, most likely because there are non-accessible Li-rich domains within the particle that are either 

electrically insulated or physically separated from the slurry matrix.37  

The dramatic expansion observed for dense tin is significantly reduced in for NP-Sn 

(Figure 9.3). The areal expansion of this ~ 5 μm NP-Sn grain was, again, quantified from these 

images, and plotted as a function of  voltage (Figure 9.4, green circles). The areal expansion, 

defined similarly as above, is only 21% compared to the 134% expansion for dense tin – a six-fold 

decrease. As a result of the decreased expansion, no cracks were formed during the lithiation and 

delithiation process. We have also plotted (Figure 9.4, red triangle) the areal expansion of another, 

larger, ~10 μm particle (particle is shown in Figure 9.5) at the lithiated and delithiated state only. 

This larger particle expands more that the smaller particle (50 % in the lithiated state), but still 

contracted back to 17% in the delithiated state. While the expansion apparently depends on size of 

the NP-Sn particle, the areal expansion in this larger tin particle is still nearly three-fold less than 

the dense tin. The dominating mechanism for the reduced expansion in these porous particles 

probably derives from the open porous network that accommodates the expanding ligaments. As 

we mentioned previously, the internal porosity of NP-Sn is ~25%. As a result, the deinsertion 

process is also much more reversible in NP-Sn compared to dense tin. NP-Sn recovers 728 mAh/g 

while dense tin only recovers 588 mAh/g. This disparity in utilization can be directly seen in the 

series of TXM images corresponding to the deinsertion process (Figure 9.3 b top). In contrast to 

dense tin, the NP-Sn grain contracts back nearly to the same total area as the pristine NP-Sn grain 

(Figure 9.3 b bottom). These direct structural observations lead to the understanding that the 

nanoscale porosity is responsible for the overall reduced expansion, which in turn leads to better 
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utilization. Moreover, the long-lifetimes observed for NP-Sn are also most likely strongly 

influenced by the reduced expansion observed here in the first cycle.  

Another structural feature of the NP-Sn particle shown in Figure 9.3 is that it begins to 

expand sooner (at higher voltage), compared to dense tin, which indicates that the nanoscale 

architecture influences the lithiation kinetics. The time-scale of the lithiation process in a diffusion 

controlled system, such as the lithiation of tin, is proportional to the diffusion length squared;51 

therefore, decreasing the diffusion length by one order of magnitude (e.g. 1 μm to 100 nm), has an 

amplification effect to reduce the lithiation time-scales in the nanoporous material by two-orders 

of magnitude. The faster kinetics in NP-Sn leads to a more homogeneous lithiation process 

compared to the inhomogeneous process that occurs in dense tin. As mentioned above, the sluggish 

 
 
Figure 9.4 Percent areal expansion of dense tin (black-squares) and 5 μm NP-Sn (green circles) 

and 10 μm NP-Sn (red triangles) at different voltages (lithiation states). The areal expansion is 

defined as ((areaE /areaOCV)-1)·100. Dense tin is lithiated through a burst expansion 

mechanism, and ultimately undergoes a large expansion. NP-Sn is lithiated homogeneously, 

and undergoes a significantly smaller expansion that leads to the improved cycle life. Dense tin 

does not contract back to its original size as a result of irreversible deterioration during the first 

lithiation. In stark contrast, NP-Sn contracts back to its original size, which is directly related 

to the high reversibility of this system.   
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kinetics, and inhomogeneous lithiation of dense tin, was thought to be responsible for some of the 

degradation processes in dense tin.  

 In order to further understand the role of porosity in enabling long-term cycle life we have 

analyzed the pore-structure in the same NP-Sn grain during cycling. Since the same particle is 

imaged during the lithium insertion and deinsertion process, the same pores, within the same NP-

Sn particle, can be tracked during cycling. We should note that these 2D TXM images are 

projections of a 3D morphology (NP-Sn porous architecture), so the exact pore size and shape 

cannot be determined exactly from these images. However, they do give a representative size, and 

can be used to clearly discern changes to the pore system during lithiation and delithiation – even 

though they are 2D projections. 

   While pores are observed in the particle shown in Figure 9.3, those pores are hard to 

discern and quantify due to the small size of the particle. We chose to use another larger NP-Sn 

grain (~10 μm), which was also in excellent focus throughout cycling. Similar to the smaller ~5 

μm NP-Sn particle, this larger 10 μm particle expanded ~50 % in the lithiated state and contracted 

back to 17% in the delithiated state (Figure 9.4). Figure 9.5 shows the absorption TXM images 

and corresponding magnified insets of a portion of that NP-Sn grain in the pristine state, lithiated 

state and the delithiated state. For clarity, we point out that the pores in these absorption images 

are distinguished as the dark spots while the lighter portions are the solid ligaments. The NP-Sn 

grains before cycling contains pores that are ~30 – 170 nm as described previously. The NP-Sn 

grain in the lithiated state contains a broad distribution of pores that can be sorted into two 

classifications:  a population of pores that are similar in size to the original porosity before cycling, 

and a population of larger pores that have formed as a result of the expansion process (Figure 9.5). 

This observation of the spontaneous evolution of porosity is in excellent agreement with the 
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previous work by Chen and Sieradzki.52 The pore structure in the delithiated state also consists 

of a similar bi-modal pore size distribution, which closely resembles the lithiated state. We believe 

that that both the evolution of larger pores, and the retention of some of the original porosity 

accommodates the volume expansion and lead to long cycle lifetimes.  

We have analyzed another structural feature in the 2D images shown in Figure 9.5.   These 

images provide indirect evidence suggesting that the 3D NP-Sn remains interconnected. An 

 
 

Figure 9.5. Absorption images of NP-Sn collected from an X-ray transparent pouch cell using 

a Transmission X-ray microscope at 8.95 KeV (image contrast adjusted to increase visibility). 

A TXM image of a NP-Sn particle before cycling (a,d) an image of NP-Sn in the lithiated 

(expanded) state (b,e)  an image of NP-Sn in the delithiated state (c,f). The lithiated state 

contains two classification of pores. Larger pores have formed during the expansion process, 

in addition to preservation of the original smaller porosity. The ligament backbone of the NP-

Sn also increases in size, as is expected, but the interconnections of the nano-tin based 

ligaments appear to be uninterrupted. The interconnected pores and ligament architecture is 

fundamental to the enhanced performance of this system. 
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interconnected pore and ligament architecture, during charge and discharge could explain the 

enhanced performance of this system. Again as we discussed earlier, these 2D TXM images are 

projections of the NP-Sn structures, so 3D reconstructions would provide more conclusive 

evidence of this feature. The 2D TXM images of the NP-Sn does show, however, that the pores 

do not fully close in the fully lithated state. Closed pores would prevent effective electrolyte access 

to the interior of the material, resulting in inhomogeneous Li-ion concentrations, and therefore 

volume mismatches, which contributes the mechanical failure of the material. In total, several 

different structural properties all synergistically couple to enable the volume change 

accommodation and long cycle lifetime in NP-Sn.     

 9.3. Conclusions 

The cycling performance and resulting structural evolution of dense micrometer size grains 

of tin and nanoporous tin were studied. The majority of the degradation in dense tin occurs mostly 

in the first insertion process. Two different types of lithiation mechanisms were observed for the 

two tin morphologies. Dense tin undergoes a burst expansion lithiation mechanism, which is 

mainly attributed to large diffusion lengths and slow diffusion kinetics inherent to dense tin. This 

process leads to crack formation and presumably thick SEI growth after multiple cycles. We 

speculate that the mechanical stability of the carboxymethyl cellulose binder / carbon fiber matrix 

is irreversibly deformed during the expansion process and cannot fully contract during the 

deinsertion process. Ultimately this process may lead to the active material loosing electrical 

contact with the slurry, resulting a swift in capacity decay.37 

In stark contrast, we observed that NP-Sn undergoes a significantly smaller expansion 

compared to dense tin. The nanoscale ligaments effectively provide short diffusion pathlengths, 

which enable homogeneous lithiation. There were no manifestations of cracks during the lithiation 
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and delithiation process of NP-Sn. The pore volume accommodates the lower density Li-rich 

phases effectively enabling a six-fold reduction in the areal expansion. We have also demonstrated 

that NP-Sn particles remain porous in the fully lithiated state. This is an important finding of this 

study because a closed pore system is not effective at accommodating volume expansion and does 

not allow the electrolyte to access the active materials between the pores. The synergy between 

the small ligaments and the optimal pore space in NP-Sn lessen the aggressive failure mechanisms 

observed in dense tin. The conclusions reported here are generally applicable to other alloy-type 

anode materials. We envision that other materials like silicon, antimony, and germanium would 

benefit from the nanoscale architecture we developed for tin.  

9.4. Experimental 

9.4.1 Synthesis 

The synthesis of nanoporous Sn powder is published elsewhere, but is briefly described here.  

A Sn15Mg85  at.% master alloy was made by melting pure Sn (1N, Alfa Asear) and Mg (1N, 

Alfa Asear) at 700o C in a graphite crucible, using a quartz tube under argon flow. 

Mg was selectively removed from the above Sn15Mg85 at.% parent alloy by free-corrosion 

dealloying in 1 M ammonium sulphate. During dealloying, the initially colorless 

ammonium sulfate solution turns dark grey or black within a few minutes as the parent 

alloy begins to break apart and the powder disperses in the solution. After a few minutes, 

the dark grey solution containing dispersed NP-Sn powder was decanted to separate from 

the unreacted Sn/Mg parent alloy, and diluted 2x (or more) with DI water to limit the 

coarsening of the freshly dealloyed NP-Sn powder.  Another 300 mL of 1M ammonium 

sulfate was then added to the original piece of parent alloy, and the process was repeated 
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multiple times until the Sn/Mg parent alloy was fully dealloyed. The powder was collected 

by gravity sedimentation, decanted from the mother liquor, and dried at 70°C overnight.  

 

9.4.2 Electrode preparation 

 

The anode was made from a slurry consisting of 25 wt.% NP-Sn powder used as 

active component for Li storage, 56 wt.% vapor grown carbon fibers (Sigma Aldrich) used 

as conductive additive, and 19 wt.% carboxymethyl cellulose (Mw=250K, Sigma Aldrich) 

used as binder. The three components were mixed together with water by ball-milling in 

order to obtain a homogeneous thick paste. The slurry was then casted on 9 µm copper foil 

(MTI Corp), dried at ambient temperature for 1 h, and further dried at 70° C under vacuum 

overnight to evaporate the excess solvent. The mass loading of the electrode was ~1 mg/cm 

of active material.  

 

9.4.3 Characterization 

  

Powder X-ray diffraction (XRD) was performed in a PANalytical X’Pert Pro operating 

with Cu Kα (λ = 1.5418 Å) using a 0.03° step size,  a voltage of 45 kV, and a current of 

40 mA. XRD patterns were recorded in the range of 10° < 2𝜃 < 80°. Nitrogen 

porosimetry was carried out using a Micromeritics TriStar II 3020. The surface area was 

calculated from the adsorption branch of the isotherm between (0.04 – 0.30 P/Po) using 

the Brunauer-Emmett-Teller (BET) model. The pore diameter and pore volume were also 
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calculated from the adsorption branch of the isotherm using the Barret-Joyner-Halenda 

(BJH) model.  

 

In situ pouch cells were used for the 2D measurements, and were sandwiched between 

two aluminium plates with imaging holes.39  The pouch cells were comprised of  0.5 mm 

lithium foil as the counter electrode, Celgard (gift from Celgard) soaked in 1 M LiPF6 in a 

1:1 ethylene carbonate/dimethylcarbonate solvent (Sigma Aldrich) with 5% (v/v) 

fluorinated ethylene carbonate (TCI America) as electrolyte, and a porous tin working 

electrode (described above). Transmission X-ray Microscopy was performed at beamline 

6-2C of the Stanford Synchrotron Radiation Lightsource (SSRL) at SLAC National 

Accelerator Laboratory. 8.95 keV X-rays were used to perform the investigation of the 

electrode morphology at nano/meso scale. The X-ray energy was chosen to be directly 

below the copper edge to minimize the Cu current collector absorption. The spatial 

resolution of this microscope is ~30 nm, and the field of view at 8.95 keV is 38.3 μm. 

 

During operando imaging, the cell was galvanostatically charged and discharged 

between 1.0 – 0.005V vs. Li/Li+ using a current density of 356 mA/g (dense) and 724 mA/g 

(NP-Sn) using a VSP potentiostat/galvanostat (Bio-Logic). TXM images of two 38.3 μm x 

38.3 μm regions in the cell were collected every six minutes during continuous cycling. At 

each region ten one-second images were collected and averaged, which improved the signal 

to noise ratio. A camera binning of two (four pixels are averaged into one) was used to 

further improve the image quality. These parameters result in a pixel size of 37 nm. 
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9.4.4 Data Analysis 

X-ray micrographs were processed using in-house developed software package known 

as TXM-Wizard.53 The reference correction was done in TXM-Wizard and the image was 

further processed using ImageJ. The area of a particle is extrapolated by thresholding the 

2D images to its best fitted grayscale and calculated by totalling the number of pixels within 

the particle.  
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CHAPTER 10 

Mesoporous Ni60Fe30Mn10-alloy based metal/metal oxide composite thick films as highly 

active and robust oxygen evolution catalysts 

10.1 Introduction 

State-of-the-art oxygen evolution catalysts supported on commercially available three-

dimensional nickel foams with pore sizes in the submillimeter and millimeter ranges exhibit 

exceptionally good catalytic activities.1,2,3,4,5 For example, Co-based oxygen-evolving 

catalyst can achieve a current density of 1 mA/cm2 at ~410 mV overpotential near neutral 

pH in thin film format.6 When this catalyst is electrodeposited onto a three-dimensional 

nickel foam scaffold, its activity towards water oxidation near neutral pH is further 

increased, resulting in a current density of 100 mA/cm2 at 363 mV overpotential with 

stability of over 90 hours.1 NiFe-based material systems represent another promising class 

of high-performance non-precious metals oxygen evolution catalysts.7,8,9,10,11 Thin film 

NiFe-based oxygen evolution catalysts can deliver a current density of 10 mA/cm2 at ~350 

mV overpotential in 1 M alkaline solutions.7  When NiFe-based oxygen evolution catalysts 

are grown onto three-dimensional nickel foams, they only require  

240 mV overpotential to deliver a current density of 10 mA/cm2 in 1 M NaOH solution.2 

In 10 M KOH, they also require only 240 mV overpotential to deliver a current density of  

500 mA/cm2 over 2 hours.3  

Oxygen-evolving catalysts supported onto three-dimensional nickel foams have both 

positive and negative attributes.  On the positive side, the high intrinsic electrical 

conductivity of the nickel foam allows it to act as an effective current collector for the 

catalyst. In addition, the porous architecture of open cell nickel foams favours effective 
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mass transfer of both ionic species and gas molecules at the catalyst/electrolyte interface. 

The main drawback for the usage of commercially available nickel foams for these type of 

applications is their very large pore sizes, which is commonly in the submillimeter to 

millimeter range. Consequently, the specific surface area of open cell nickel foams is very 

low, less than 1 m2/g depending on the pore size distribution.12,13,14 Concretely, it means 

that the total effective interface surface area of a 1 cm2 area film of open cell nickel foam 

foil with a thickness of 10 µm can be less than 1 cm2.  In other words, the surface area of a 

dense nickel foil can be higher than that of a porous nickel foam foil.   

Based on these considerations, it appears that mesoporous structures with pore size 

distributions in the nanometer regime are needed to further improve the catalytic activity 

of these oxygen-evolving catalysts. In contrast to nickel foams, which exhibit very low 

interfacial surface areas, three-dimensional mesoporous structures can exhibit much larger 

interfacial surface areas, since the specific surface area scales inversely with the average 

pore size.15,16,17 Here we thus exploit dealloying to produce a high-performance, robust, 

and ultrafine mesoporous NiFeMn-based oxygen-evolving catalysts with average ligament 

and pore sizes on the order of ~10 nm.  The material has a BET surface area of 43 m2/g and 

high electrical conductivity. Below we present the synthesis, characterization, and 

electrocatalytic performance of these novel mesoporous metal/metal oxide composite 

catalysts. 

10.2. Results and discussion   

10.2.1 Dealloyed mesoporous Ni60Fe30Mn10-alloy based metal/metal oxide composite thick 

film catalysts 
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In general, nanoparticulate NiFe-based catalysts exhibit optimal activity towards water 

oxidation at a Fe:Ni ratio of about 0.5.9  Therefore, we stop our dealloying process when 

the Fe:Ni ratio in the bulk of the parent alloy drops from ~1.3 down to ~0.5.  This 

corresponds to a bulk elemental composition of ~Ni60Fe30Mn10 at. % in the dealloyed 

mesoporous catalyst, as determined by both EDS and WDS. Figures 1a and b show EDS 

traces for the parent alloy before and after dealloying. It can be seen that the initial Mn-rich 

parent alloy (Fig. 10.1 a) has lost the majority of its Mn during the free-corrosion process 

(Fig. 10.1 b).  

Although the Mn:Ni ratio has significantly dropped from ~4.3 in the parent alloy down 

to ~0.17 in the mesoporous NiFeMn-based catalyst, there is still ~10 at. % residual Mn 

present in the bulk of the final mesoporous material (Fig. 10.1 b). Mn is commonly removed 

 

 

Figure 10.1 Elemental and structural analysis. Energy dispersive x-ray spectroscopy 

traces for the parent alloy before (a) and after (b) dealloying. The initial Mn-rich parent 

alloy has lost the majority of its Mn during dealloying. (c) X-ray diffraction patterns for 

the parent alloy before (black) and after (red) dealloying. The parent alloy is crystalline 

with a cubic crystal lattice, while the corresponding dealloyed mesoporous metal/metal-

oxide structure is amorphous. 
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from Mn-rich nickel alloys by dealloying via potentiostatic control using a negative bias 

voltage.23,24,25 Such a negative bias voltage minimizes the electroadsorption of negatively 

charged oxygen species (OH-, O2-),26,27 and thus prevents spontaneous oxide formation in 

dealloyed mesoporous nickel-based systems, resulting in nearly oxide-free mesoporous 

nickel structures23,24,25. In this work, however, we are interested in producing oxide-rich 

mesoporous NiFe-based systems, since the oxide plays an important role in the oxygen 

 

Figure 10.2  (a) XPS survey spectrum of the surface of the of our mesoporous NiFeMn-based 

catalyst.  Panels (b) – (d) show high resolution scans in the metal 3p regions.  Data is shown 

for Ni 3p (b), Fe 3p (c), and Mn 3p (d).  All data can be well fit with a single oxidation state 

corresponding to Ni3+, Fe3+, and Mn2+. 

Mn2+
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evolution reaction.28 Therefore, the oxygen peak observed in Fig. 10.1 b as a consequence 

of the partial oxidation of the dealloyed material is desirable. As a result, potentiostatic 

dealloying is not ideal for the materials described here. More importantly, we have 

observed that both Mn and Fe are etched away during dealloying via potentiostatic control, 

under similar conditions to those previously reported for NiMn parent alloys,23,24,25 and 

preserving at least part of the Fe content is desirable here. 

Alternatively, fully oxidized structures have be made by free-corrosion dealloying of 

non-precious metals in strongly alkaline solutions.29  During that process, freshly dealloyed 

non-precious metal surfaces spontaneously react with water under strongly alkaline 

corroding solution.29 While this method is effective at producing oxide nanocrystals,29 for 

the current electrocatalyst application, fully oxidized structures are also not suitable 

because of the poor electrical conductivity of most metal oxides.  Moreover, Al must be 

used as sacrificial element instead of Mn,29 since Mn is not effectively removed under such 

alkaline corrosion condition. In this work, we thus use weak acid as the corroding medium 

to achieve partial oxidation of our dealloyed structures, even if it does not result in full Mn 

removal.  

The local surface composition of our dealloyed mesoporous material may affect its 

catalytic performance. Both EDS and WDS can be used to analyse the bulk stoichiometry 

of our mesoporous catalyst, but they do not provide information on the local surface 

composition. Therefore, XPS was used to analyse the local surface composition (see Fig. 

10.2). XPS gives a surface metal composition of Ni76Fe16Mn8 at. % for a mesoporous 

catalyst with bulk metal composition Ni60Fe30Mn10 at. %.  This data thus indicates that the 

surface is slightly depleated in the more oxidatively unstable elements: Fe and Mn. The 
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effect of local surface composition and residual Mn will be further considered when 

studying the performance of our mesoporous catalyst towards water oxidation. 

10.2.2 Phase and structural characterizations 

Once formed, materials are 

characterized by a variety of methods.  

Fig. 10.1 c shows the XRD patterns for 

the parent alloy before (black) and after 

(red) dealloying. While the parent alloy 

is crystalline with a cubic crystal lattice, 

the corresponding dealloyed structure is 

mostly amorphous, as indicated by the 

absence of sharp signals on the red XRD 

pattern. Interestingly, in a control 

experiment, mesoporous Ni90Mn10 at. % 

made from a parent alloy with 

composition Ni30Mn70 at. % using 

similar dealloying conditions to those employed for our mesoporous NiFeMn-based 

catalyst were crystalline by XRD in the porous, partly oxidized state (see Fig. 10.3). The 

poor crystallinity in our mesoporous NiFeMn-based catalyst is in agreement with literature 

reports on nanoscale NiFe oxides, such as the recent work of Qiu et al. on amorphous 

nanoparticles of NiyFe1-yOx supported on carbon.9 Furthermore, three metallic elements Ni, 

Fe, Mn are present in our materials system and such ternary systems having Ni and Fe as 

base elements are often amorphous.30,31,32 

 

Figure 10.3 XRD of dealloyed mesoporous 

Ni90Mn10 at. %.  The materials is crystalline, with 

a crystal structure very similar to pure Ni.  Some 

broad diffraction peaks from manganese oxide 

are also observed.  The crystal structure is quite 

different from dealloyed mesoporous 

Ni60Fe30Mn10, as presented in Fig. 1c in the main 

manuscript, which shows no crystalline 

diffraction peaks. 
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HRTEM was performed in order to further investigate the nanostructure of these 

catalysts. Figure 10.4 a shows an oxide covered ligament of our NiFeMn-based catalyst.  

The oxide layer coats all surfaces and appears to be just a few nm thick.  Interestingly, in 

the image, both the metal ligaments and the oxide coating show lattice fringes typical of a 

crystalline material.  While the observed 

crystalline domains are quite small, a 

sample with this degree of crystallinity 

should show stronger diffraction than that 

observed for these materials (red curve in 

Fig. 10.1 c).  Based on these results, we 

hypothesize that the amorphous nature of 

these materials stems from the kinetic 

frustration of a ternary allow, combined 

with the low temperature dealloying 

conditions used to form the material.  

Upon electron irradiation in the TEM, 

some sample crystallization can 

apparently take place, but kinetical 

frustration prevent crystallization during 

room temperature dealloying.  We thus conclude that the amorphous nature of the material 

 

Figure 10.4  HRTEM image of a ligament in 

the NiFeMn-based catalyst. The ligament is 

covered with an oxide layer a few nm thick, 

demarcated by the dashed yellow like. In 

contrast to the data in figure 1C, both the metal 

ligament and the oxide coating show lattice 

fringes typical of a crystalline material. 

Crystallinity in both components like arises 

from electron beam induced crystallization. 
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is due to a combination of ternary metals 

and metal oxides, combined with the low 

dealloying temperature used to 

synthesize these materials.  

In order to get more insight into the 

nature of the oxides present, Raman 

spectroscopy was performed on the 

dealloyed mesoporous Ni60Fe30Mn10 

metal/metal oxide composite in powder 

form (see Fig. 10.5).  Raman was chosen 

because it is most sensitive to local bonding, and can be used to characterize bonding motifs 

in materials that are amorphous by XRD.  The observed Raman signals are dominantly 

attributed to oxide species and not to the metal core, as metals generally show weak Raman 

intensity because of poor light penetration.  Specifically, the signals observed between 300 

and 750 cm-1 are attributed to the superposition of various oxide and hydroxide phases.  

Below we discuss the three components that can be clearly identified from the scattering. 

As a starting point, we note that Ni(OH)2 can be doped with a variety of transition metals, 

including Mn and Fe.11,33  This results in a broad Raman signal between 530 and 560 cm-1, 

depending on the concentration of transition metal dopant.11 The peak around 560 cm-1 is 

thus partly attributed to Mn- and Fe-doped Ni(OH)2 (see brown arrow in Fig.3). It is well-

established that during oxygen evolution, Fe-doped Ni(OH)2 is converted into Fe-doped 

NiOOH.9,11  In a similar way, Mn-doped Ni(OH)2 can also be converted into Mn-doped 

NiOOH.33 The two peaks at ~475 cm-1 and ~555 cm-1 (Fig. 10.5, blue arrows) are attributed 

 

Figure 10.5 Raman spectrum of our 

mesoporous Ni60Fe30Mn10 metal/metal oxide 

composite. 
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to Mn- and Fe-doped NiOOH.11 Although these peaks usually arise from the conversion of 

Ni(OH)2 to NiOOH during oxygen evolution,9,11 they have also been reported in aged 

pristine NiFe-based catalysts.11 In our case, the presence of NiOOH peaks suggests that the 

surface of our pristine mesoporous NiFe-based catalyst is already partly optimized for 

oxygen evolution, as it should contain some sites that can act as active sites for oxygen 

evolution.9,11,33 The presence of NiOOH at the surface of our catalyst is also indicated by 

XPS data (figure 10.2).  Finally, besides Mn- and Fe-doped Ni(OH)2 and Mn- and Fe-doped 

NiOOH,9,11 the 4 peaks marked with orange stars match reasonably well with the 

characteristic signals of NiFe2O4,
34 which shows reference peaks at 333, 487, 571, and 704 

cm−1.34  NiFe2O4 shows good corrosion resistance during oxygen evolution,8 so it is an ideal 

oxide to serve as the support for the catalytically active hydroxide and oxyhydroxide 

phases. 

 In addition to examining local bonding geometries, we can also examine the network 

connectivity in our materials.  Because our mesoporous Ni60Fe30Mn10 metal/metal oxide 

composite is only partially oxidized, its exhibits very good electrical conductivity. The bulk 

electrical resistance of a ~300 µm-thick mesoporous Ni60Fe30Mn10 metal/metal oxide 

composite catalyst was found to be on the order of 10 Ω/cm2. This value is 7 order of 

magnitudes lower than that of a fully oxidized NiFeMn counterpart (~108 Ω/cm2).  For 

comparison, the electrical resistance of copper foil measure in the same way was found to 

be ~10-1 Ω/cm2. 

Finally, the size of ligaments and pores size in our mesoporous catalyst were 

characterized using SEM. Fig. 10.6 shows two scanning electron micrographs of a fracture 
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cross-section of our mesoporous 

Ni60Fe30Mn10-based catalyst at different 

magnifications. It can be seen that feature 

sizes are of the order of 10 nm. The 

layered pattern comes from cold-rolling 

the parent alloy down to the desired 

thickness of 300 µm. Such patterns are 

even more pronounced in cold-rolled soft 

noble metals, as previously reported 

elsewhere.22   

10.2.3 Nitrogen porosimetry 

Nitrogen adsorption experiments were 

performed in order to further characterize 

the porosity in our dealloyed material.  

Fig. 10.7 shows nitrogen adsorption (black) and desorption (red) isotherms obtained for our 

mesoporous NiFeMn-based catalyst.  Two distinct regions are observed. At high relative 

pressures, a hysteresis loop associated with capillary condensation is observed, 

corresponding to a Type IV isotherm, based on IUPAC classification.  At lower relative 

pressures, linear behaviour is observed (see inset Fig. 10.7), associate with monolayer 

adsorption. The low pressure data was used to evaluate the specific surface area using the 

BET method. The corresponding BET surface area was found to be ~43 m2/g. This is more 

than 7 times higher than the average BET surface area of many noble nanoporous metals 

such as nanoporous silver.17,16,35 Volume weighted BJH pores size analysis shown in Fig. 

 
Figure 10.6 Microstructural 
characterization. Scanning electron 
micrographs showing a fracture cross-
section of our 300 µm-thick mesoporous 
catalyst at different magnifications. The 
ligament size is on the order of 10 nm. The 
layered pattern comes from cold-rolling the 
parent alloy down to the desired thickness 
before dealloying. 
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10.8 puts the average pore size of our 

mesoporous NiFeMn-based catalyst at 

~10nm. This value agrees well with the 

pores size estimated from SEM images. 

We note that mesoporous Ni90Mn10- and 

Fe90Mn10-based samples both made from 

binary parent alloy precursors and used 

in control experiments exhibit somewhat 

higher BET surface areas (103 m2/g for 

the mesoporous Ni90Mn10-based material 

and 206 m2/g for the Fe90Mn10-based material, see porosimetry data in Fig. 10.9 and Fig. 

10.10). These higher surface area values are explained by slightly smaller pore size 

distributions (see Fig. 10.9 and Fig. 

10.10) compared to our optimized 

mesoporous NiFeMn-based catalyst (See 

Fig. 10.8).  These surface areas are of the 

same order as nanoporous Ni, Co, and Mn 

oxides made by hard templating methods 

using mesoporous silica.36  

The BET specific surface area of 

our NiFeMn-based mesoporous catalyst 

measured by nitrogen absorption was further compared to the one predicted by an analytical 

model for the specific surface area in a wide range of nanoporous materials:15,16,17    

Figure 10.7 Nitrogen adsorption (black) and 

desorption (red) isotherms. The linear regime 

at low relative pressures (Inset) was used to 

calculate the BET specific surface area of the 

mesoporous catalyst. 
 
 

 

 
Figure 10.8 Volume weighted BJH pore size 

distribution determined from the adsorption 

branch of the isotherm. The average pore size is 

~10 nm. 
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S=C/ρdL                   (Eq.1) 

Here S corresponds to the specific surface area and ρ represents the solid bulk density of a 

NiFeMn ternary alloys with the same composition as our mesoporous catalyst (i.e. 

Ni60Fe30Mn10). In Eq.1 we use ρ~8.4 g/cm3
, which is calculated from the fractional 

contribution of each metal component (Ni, Fe, Mn) in the ternary alloy. Here, dL represents 

the average ligament size of our mesoporous catalyst. In Eq.1 we use dL~10 nm. We note 

that Eq.1 only gives a good prediction of the specific surface area of a nanoporous material 

when the ligament diameter, dL, is comparable to the pore size dP (i.e. dL dP). Finally, C is 

a dimensionless constant, which depends on pore geometry. For disordered nanoporous 

materials like these, the value of C is equal to 3.7.15,16,17 Eq.1 predicts a specific surface 

area of ~44 m2/g, which is in very good agreement with the value of 43 m2/g obtained from 

 

Figure 10.9 Nitrogen porosimetry data for the mesoporous Ni90Mn10-based catalyst. Part (a) 

shows the raw adsorption (black) and desorption (red) isotherms.  Part (b) show the volume 

weighted BJH pore size distribution determined from the adsorption branch of the isotherm.  

The BET surface area is 103 m2/g. The majority of pores are found in the range between 3 and 

9 nm. 
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nitrogen absorption.  This agreement, calculated using the density of the metal, not the 

metal oxide, further confirms that our catalyst is only partly oxidized. 

We note that the specific surface area of our mesoporous catalyst (~43 m2/g) is quite 

high compared to those usually reported for the open cell nickel foams (<1 m2/g)12,13,14 

commonly used to support oxygen evolution catalysts.1,2,3,4,5 Since the specific surface area 

in these materials is inversely proportional to the product ρdL(Eq.1), the high specific 

surface area in our mesoporous NiFeMn-based system is a direct results of the small 

ligaments size (dL ~10 nm).  

 

10.2.4 Electrochemical characterization of the mesoporous catalyst 

10.2.4.1 Cyclic voltammetry 

We next turn to electrochemical characterization of this new material, and evaluation of the 

performance of our mesoporous Ni60Fe30Mn10 metal/metal oxide catalyst towards water 

 

Figure 10.10 Nitrogen porosimetry data for the mesoporous Fe90Mn10-based control sample. 

Part (a) shows the raw adsorption (black) and desorption (red) isotherms.  Part (b) show the 

volume weighted BJH pore size distribution determined from the adsorption branch of the 

isotherm.  The BET surface area is 206 m2/g. The majority of pores are found in the range 

between 2 and 30 nm. 
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oxidation. We first examined the 

electrochemical signature of our free-

standing thick films catalyst using 

successive cyclic voltammetry 

experiments in 0.3 M KOH, at a scan rate 

of 1 mV/s in the potential range between 

0.1 V vs RHE (which is the open circuit 

voltage, VOC, for our system) and 2.0 V 

vs RHE. For comparison, similar cyclic 

voltammetry experiments were 

performed on mesoporous Ni90Mn10 and 

Fe90Mn10 metal/metal oxide sample thick 

films also made by free-corrosion 

dealloying. The voltammograms plotted in blue in Fig. 10.11 were recorded on a free-

standing mesoporous Ni90Mn10 metal/metal oxide sample.  Despite the residual Mn, the 

sample exhibits the typical electrochemical signature of a nickel oxide electrode in alkaline 

medium.9,11  A pair of redox peaks are observed at 1.17 V vs. RHE during the cathodic scan 

and at 1.47 V vs. RHE during the anodic scan. This pair of redox peaks corresponds to the 

conversion of Ni(OH)2 to NiOOH according to the following reaction:9,11  

Ni(OH)2 + OH− →NiOOH + H2O + e−          (Eq.2) 

 

A positive oxidation current is then observed at higher voltages (blue voltammogram 

Fig. 10.11), beyond 1.6 V vs. RHE, corresponding to oxygen evolution on NiOOH catalytic 

 
Figure 10.11 Electrochemical 
characterization of various metal/metal-
oxide catalysts in 0.3 M KOH. Successive 
cyclic voltammograms recorded on free-
standing metal/metal-oxide mesoporous 
catalysts with metal stoichiometries of 
Ni90Mn10 (blue), Fe90Mn10 (black), and 
Ni60Fe30Mn10 (red).  The Ni60Fe30Mn10 
sample shows the lowest overpotential for 
oxygen evolution. 
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sites.  For comparison, the voltammograms plotted in black in Fig. 10.11 were recorded on 

a mesoporous Fe90Mn10 metal/metal-oxide thick film. Oxygen evolution takes place at 

much higher potentials for this sample, beyond 1.72 V vs. RHE.  Finally, the successive 

cyclic voltammograms plotted in red in Fig. 10.11 were obtained from our free-standing 

mesoporous Ni60Fe30Mn10 metal/metal oxide catalyst. For this sample, oxygen starts to 

evolve at just 1.47 V vs RHE, which is much lower than potentials recorded for either the 

mesoporous Ni90Mn10 or Fe90Mn10 metal/metal-oxide materials. A similar trend of lower 

overpotential in mixed metal systems has been reported previously for nanoparticles and 

thin films of NiFeOx-based oxygen evolving catalysts.8,9,10,11  

The current in this water oxidation reaction depends on the pH, and so for completeness, 

both cyclic and linear sweep voltammograms were performed on our mesoporous NiFeMn-

based catalyst in 0.1 M and 1 M KOH (see Figs. 10.12 and 10.13).  The freestanding porous 

films are mechanically somewhat fragile, so data was collected in the absence of 

 

Figure 10.12 Cyclic voltammograms of a free standing mesoporous NiFeMn-based catalyst in 

1M KOH (red) and 0.1 M KOH (black). 
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mechanical stirring, which lowers the current because of gas bubble adhesion to the 

catalyst.  Despite this fact, at a sweep rate of 1 mV/s, the free-standing mesoporous 

NiFeMn-based catalyst delivers a current density of 500 mA/cm2 at ~520 mV overpotential 

in 1 M KOH.  We also examined a range of compositions, but found very weak dependence 

of the catalytic activity on the precise catalyst composition for material with approximately 

2:1 Ni:Fe (see Fig. 10.14). 

10.2.4.2 Effect of the high specific surface area 

While the basic electrochemistry of these materials is similar to other nanoscale NiFeOx 

materials, it is the nanoscale architecture that sets the performance of this system apart. As 

mentioned above, the three-dimensional nickel foam scaffolds commonly exploited as 

supports for oxygen-evolving catalysts exhibit very low interfacial surface areas due to 

their large pore sizes.  In contrast, the materials described here have much higher surface 

areas, and this produces significant enhancement of the catalytic activity of our NiFe-based 

 

Figure 10.13 Linear sweep voltammograms of a free standing mesoporous NiFeMn-based 

catalyst in 1M KOH (red) and 0.1 M KOH (black). 
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oxygen evolution catalyst. To illustrate this, the activity of a ~300 µm-thick free-standing 

mesoporous Ni60Fe30Mn10 metal/metal-oxide catalyst was compared to that of a ~30 µm- 

thick free-standing dense Ni60Fe30Mn10 metal/metal-oxide foil counterpart. The dense foil 

was obtained simply by cold-rolling the mesoporous catalyst (sandwiched between pieces 

of stainless steel),17,22 to collapse the pores and produce a dense sample with the exact same 

composition as the porous material.  Fig. 10.15 shows two linear sweep voltammograms 

recorded on the mesoporous (red) and the dense (black) catalysts at a sweep rate of 1 mV/s 

in 0.5 M KOH. The effective interface surface area of the mesoporous catalyst was 

estimated from its mass and the measured BET specific surface area of 43 m2/g to be ~3x104 

cm2 per geometrical unit of film area (i.e. per cm2). Fig.10.15 illustrates that the catalytic 

activity of the mesoporous sample is significantly enhanced – in 0.5 M KOH, only 200 mV 

overpotential is required to achieve a current density of 10 mA/cm2 at a sweep rate of 1 

mV/s.  For comparison, a 430 mV overpotential is needed for the dense catalyst counterpart 

 

Figure 10.14 Effect of bulk composition on the performance of the mesoporous NiFeMn-

based catalyst.  The left graph shows the composition of three different samples, made from 

three different alloys with different elemental ratios.  Elemental composition was determined 

using EDS. The right graph shows CVs taken in 0.3 M KOH at the sweep rate of 1 mV/s.  

Despite the differences in elemental composition, the electrochemical performance of the three 

samples is remarkably similar, suggesting the system is fairly insensitive to the details of 

atomic composition. 
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to achieve the same 

current density (see inset 

Fig. 10.15). Note that 

since both catalysts were 

free-standing, the 

electrolyte solution was 

not stirred in order to 

prevent the unsupported 

catalysts from breaking.  

 

The intrinsic kinetic 

limitations of these 

catalysts can be further 

examined by calculating 

the Tafel slope. At relatively low overpotentials, the two catalysts exhibit the same Tafel 

slope of ~62 mV/decade, as shown in Fig. 10.16 a. The fact that the Tafel slopes are 

identical is expected, given that the two catalysts are derived from the same material 

system.28 Our Tafel slope is somewhat higher than those reported in the literature for 

optimized NiFe-based oxygen-evolving catalysts, which are usually around 40 mV/decade 

or lower.9,11 The small increase in our Tafel slope can potentially be explained by the 

residual Mn present at the surface of our mesoporous NiFeMn-based catalyst. Although 

Ni(OH)2 can be doped with both Mn and Fe,11,33 the catalytic activity of Fe-doped Ni(OH)2 

towards water oxidation is superior to that of Mn-doped Ni(OH)2.
33  It is emphasized that 

 
 
Figure 10.15 Catalytic activities in 0.5 M KOH. Linear 
sweep voltammograms obtained from our mesoporous 
Ni60Fe30Mn10 metal/metal-oxide catalyst (red) and a dense 
Ni60Fe30Mn10 catalyst counterpart (black) at a sweep rate of 
1 mV/s in 0.5 M KOH. The mesoporous catalyst achieves 
10 mA/cm2 at only 200 mV (inset), whereas the dense 
catalyst counterpart does not achieve 10 mA/cm2 until 430 
mV (sweep rate of 1 mV/s; 0.5M KOH). 
 
 

 



253 

the materials presented here were not optimized solely for catalytic activity, however, as is 

the case for many nanoparticle and thin film systems reported in the literature.9,11  Instead, 

our system is optimized for the best combination of robustness, ideal porosity, electrical 

conductivity, and catalytic activity.  

The exchange currents of our mesoporous and dense catalyst were also determined from 

the Tafel plots (see Fig. 10.16 a). There is roughly 3 orders of magnitude difference in the 

exchange current of the mesoporous catalyst (Jo~10-2 A/cm2) compared to that of the dense 

catalyst (Jo~10-5 A/cm2). This difference arises from the 4 orders of magnitude difference 

in the effective surface area of the mesoporous catalyst (~3x104 cm2 per cm2) and that of 

the dense catalyst (2 cm2 per cm2). This indicates that the observed enhancement of the 

catalytic current comes mainly comes from the large interface surface area of the 

mesoporous material.28  The difference between Jo values (103 x) compared to the surface 

 
Figure 10.16 Tafel plots and catalyst stability in 1 M KOH. (a) Tafel plot for dense and 

porous catalysts.  Here the solid lines are the experimental data and the dashed lines are 

the linear fits, offset from the data for clarity. Both the mesoporous and dense catalysts 

exhibit the same Tafel slope of ~62 mV/decade, but the exchange current of the 

mesoporous catalyst is 3 orders of magnitude higher than that of the dense catalyst. (b) 

In 1 M KOH, the mesoporous catalyst achieves a current density of 500 mA/cm2 at 360 

mV overpotential with a stability window of over 11 days.  



254 

area values (104 x) can likely be explained either by internal surface area in the porous 

system that is accessible to nitrogen gas (during BET), but not to water because of the small 

pore size, or to some residual porosity in the rolled sample, which was assumed to be fully 

dense.  

We note however, that the large internal surface area alone could not result in the 

observed catalytic performance if the ~300 µm-thick mesoporous NiFe-based electrode 

material was electrically insulating.  The high performance of our ~300 µm-thick robust 

mesoporous NiFeMn-based electrode material is justified by the combination of that high 

surface are, the Fe- and Mn-doped NiOOH catalytic sites, and the high bulk electrical 

conductivity of the mesoporous materials system, which facilitates the collection of the 4 

electrons involved in the oxygen evolution reaction. In addition to that electronic charge 

transfer, the transfer of chemical species (H2O, OH- and O2) at the catalyst/electrolyte 

interface is facilitated by the open pore architecture of the catalyst.  

 

10.4.2.3 Faradaic efficiency 

The Faradaic efficiency of our catalysts was estimated using the water displacement method to 

determine the amount of gas produced.18,19.  Briefly, evolved gas was equilibrated across two 

bubblers, and was collected in a water manometer.  The total volume of oxygen evolved was then 

calculated using the total volume change in the manometer and the assumption of 2:1 

hydrogen:oxygen evolution, corrected for the increase in oxygen solubility as a consequence of 

the increase in the gas pressure of the system during gas evolution Fig. 10.17.  The Faradaic 

Efficiency (FE) for oxygen evolution was then deduced as the ratio between the anodic out-put 

electric charge (3.01 C) associated with the measure oxygen gas, divided by the anodic input 
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charge (3.10 C) applied to oxidize the water. This gives a FE of ~97%. A similar FE value was 

previously measured on NiFe-based oxygen evolution catalyst using a different experimental 

method.9  

 

10.4.2.4 Catalyst stability under high current density  

As a final experiment, the stability of our mesoporous catalyst during oxygen evolution 

was investigated. Besides the relatively large overpotentials required by many oxygen-

evolving catalysts, another key drawback of many systems is their rapid failure due to 

corrosion during oxygen evolution.37,38,39 The durability of our catalyst was evaluated 

during galvanostatic tests in 1 M KOH. A stability test is most interesting if the applied 

current density is comparable to those used for real applications, such as in commercial 

alkaline electrolyzers, where high electrical current densities are passed through water-

based solutions to decompose them into hydrogen and oxygen as the only products.3,40,41   

Therefore, we use a current density of 500 mA/cm2 to investigate the stability of our new 

 

Figure 10.17  Illustration of the water displacement setup used the measure the volume of 

oxygen and hydrogen produced during water electrooxidation. 
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mesoporous catalyst. To prevent the 

bulk mesoporous catalyst from 

cracking due to mechanical stresses 

associated with the large amount of 

oxygen gas released at this high 

current density, the catalyst was 

sandwiched between two pieces of 

open cell nickel foam foil (See Fig. 

10.18). This configuration also 

allows us to mechanically stir the electrolyte during the process using a magnetic stirring 

bar. Under these conditions, our mesoporous catalyst exhibited an activity of 500 mA/cm2 

at 360 mV overpotential for over elven days (see Fig. 10.16 b). The purpose of the nickel 

foam was only to add mechanical stability to our mesoporous catalyst, and so it is important 

to insure that the nickel foam does not contribute to the catalytic activity.  As a result, we 

also tested the activity of the nickel foam alone (i.e. without a mesoporous Ni60Fe30Mn10-

based catalyst thick film) at a current density of 500 mA/cm2 (See Fig.10.19).  Water 

oxidation on the nickel foam started at 1.79 V vs RHE (560 mV overpotential). Within an 

hour, the water oxidation potential further increases from 1.79 V vs RHE to the set upper 

voltage limit of 2V vs RHE, corresponding to an overpotential of 770 mV (See Fig 10.19).  

This increase, which was presumably due to oxidation of the nickel foam, indicates that 

 

Figure 10.18 Schematic of the electrode structure 

used for long term stability testing of our 

mesoporous NiFeMn based catalyst.  
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under our experimental conditions (i.e. at a current density of 500 mA/cm2), the nickel foam 

itself is not stable for water oxidation.  

In contrast to the pure nickel foam, the mesoporous Ni60Fe30Mn10 metal/metal-oxide 

catalyst- nickel foam sandwich exhibits very different time-voltage profiles. Typically, 

when the mesoporous catalyst is sandwiched between the nickel foam, water oxidation does 

not start immediately. Rather, the potential rapidly increases within the first 15 minutes 

from the open circuit voltage (0.0 V vs RHE) up to 1.59 V Vs RHE, corresponding to 360 

mV overpotential (see Inset Fig. 10.16 b). This initial stage can be attributed to equilibration 

of the cell. At that overpotential of 360 mV, oxygen starts to evolve.  The voltage and the 

oxygen evolution then remain constant for 11 days as displayed in Fig. 10.16 b.  At that 

time, the catalyst showed no signs of degradation, but the experiment was intentionally 

stopped.  

 
Figure 10.19 (a) Stability test on an “empty” Ni-foam at 500 mA/cm2. The nickel foam catalyst 

lasts for about 1 hour. The dashed line represents the overpotential recorded when the nickel 

foam is loaded with our mesoporous NiFeMn-based catalyst. The NiFeMn catalyst is stable for 

over 11 days. The red dashed line represents the maximum overpotential allowed during our 

experiments. (b) Stability tests on “empty” Ni-foams at 100 mA/cm2. Even at lower current 

density, the nickel foam catalyst only last for about 3 hours. 
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This stable performance with no sign of degradation is in stark contrast to many other 

reports in the literature.  Typical NiFe based water oxidation catalysts operating in 1 M 

KOH have been observed to show lifetimes between 1 and 4 days at current densities of 

just 20 mA/cm2.42,43  While extended cycling on the months timescale has not yet been 

attempted to our knowledge, the results presented here clearly demonstrate the superior 

stability of this new catalyst material.  

We speculate that the small amount of residual Mn may improve the overall corrosion 

resistance of our mesoporous NiFeMn-based catalyst in alkaline solution. Our hypothesis 

is supported by the high tendency of Mn to passivate in alkaline solutions. More generally, 

the oxophilicity trends of our 3d transition metals are as follows: Ni<Fe<Mn, and the 

oxophilicity of 3d transition metal oxyhydroxides have been reported to follow the same 

trends as that of the corresponds metallic element counterparts.44 Thus, passivation of both 

residual Mn and Mn oxides in alkaline solutions may prevent our mesoporous NiFeMn-

based catalyst from further corrosion during water oxidation.  As a result, while the residual 

Mn may be slightly detrimental in terms of catalytic efficiency, it could play a much more 

important and positive role in terms of catalyst stability in alkaline solutions. 

10.3 Conclusions 

In this work, we have used selective alloy corrosion to synthesize a robust and ultrafine 

mesoporous NiFeMn-based metal/metal oxide oxygen-evolving catalyst with ligament and 

pore sizes in the range of 10 nm and a BET surface area of 43 m2/g.  Our mesoporous 

catalyst is unique in the sense that it exhibits high stability (>264 hours) at a high current 

density (500 mA/cm2) with a low overpotential (360 mV) using a moderate electrolyte 

concentration (1 M KOH). In addition, our catalyst is made from non-precious metal and 
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its processing route is straight forward and directly applicable to large-scale synthesis. To 

the best of our knowledge, this is the first report on an oxygen-evolving catalyst that 

combines all these properties.  

Currently the cheapest way to produce hydrogen gas for large-scale usage is by steam 

reforming of fossil fuel; about 94% of the global hydrogen stock is produced in that way. 

Even though hydrogen is a zero-emission energy carrier, its production from non-renewable 

resources still represents a significant threat to the environment. The high overpotential for 

the overall water splitting process makes the production of hydrogen from renewable 

resources more expensive, but it is our goal that findings like those presented here can boost 

the sustainable production of hydrogen. More specifically, our robust catalyst could be very 

attractive for alkaline electrolyzers, potentially as part of high-performance solar water 

splitting systems, where they could be coupled to a hydrogen evolution photocathode and 

photovoltaics cells to generate overall water splitting at low overpotential using sunlight.  

10.4 Experimental  

10.4.1 Materials and methods 

A home-built electric arc furnace was used to make the parent alloys from the component elements 

(Ni, Fe, Mn) in the powder form. Those elements were thoroughly mixed at the proper 

stoichiometry (Ni15Fe20Mn65 at. %, Ni30Mn70 at. %, or Fe40Mn60 at. %), and consolidated by 

pressing them into pellets using 2.5 tons of force in a 13 mm die. Samples were then heated until 

molten using an electric arc furnace under one atmosphere of ultrahigh purity argon atmosphere. 

During that ‘alloying’ process, the samples were fully melted into a liquid state and allowed to 

cool. After cooling, the samples were flipped and re-melted. That process was repeated a minimum 

of four times to ensure thorough mixing. The local temperature of the samples while molten was 



260 

~1500oC, which exceeds the melting point the elements in the mixture. Subsequent elemental 

characterization of the samples was performed to elucidate the post-arc melted stoichiometry. The 

as-synthesized parent alloys were then cold-rolled and dealloyed in 1 M aqueous solution of 

ammonium sulphate supplied by Sigma Aldrich. Details on ‘dealloying’ are provided in section 

2.2. Overall, we found that the structure and composition of the final dealloyed catalyst was highly 

reproducible as long as the homogeneity and stoichiometry of the as-synthesized parent alloy was 

carefully controlled. 

A JEOL Scanning Electron Microscope (SEM) with Energy Dispersive Spectroscopy (EDS) 

was used to analyse the microstructure and bulk elemental composition of our samples before and 

after dealloying. In addition to EDS, Wavelength-Dispersive Spectroscopy (WDS) using a JEOL 

JXA-8200 electron microprobe equipped with a wavelength-dispersive detector was also used to 

confirm the bulk elemental composition of our samples. Raman spectroscopy was performed to 

study the metal oxide bonds in our dealloyed materials, using a Renishaw inVia Raman confocal 

microscope with excitation wavelength 514 nm and 200 mW laser power. The local surface 

composition of our dealloyed samples was analysed using X-ray Photoelectron Spectroscopy 

(XPS) using a Kratos Axis Ultra DLD spectrometer with a monochromatic Al (Kα) radiation 

source. Powder X-ray diffraction (XRD) was performed using a PANalytical X’Pert Pro 

diffractometer operating with Cu Kα (λ = 1.5418 Å) using a 0.03° step size, an accelerating voltage 

of 45 kV, and a current of 40 mA. An FEI Titan S/TEM High-Resolution Transmission Electron 

Microscopy (HRTEM) operating at 300 kV in transmission mode was used to further analyse the 

microstructure of dealloyed specimens.  

Nitrogen porosimetry was carried out using a Micromeritics TriStar II 3020 porosimeter. The 

surface area was then calculated from the adsorption branch of the isotherm at low relative 



261 

pressures using the Brunauer-Emmett-Teller (BET) model. The pore diameter and pore volume 

were also derived from the adsorption branch of the isotherm using the Barret-Joyner-Halenda 

(BJH) model. An Arbin BT-2000 station was used for electrochemical characterization, in 

combination with a standard three-electrode electrochemical cell.  For these measurements, our 

mesoporous Ni60Fe30Mn10-based catalyst film was used as the working electrode, Pt foil was used 

as the counter electrode, and either Hg/HgO or Ag/AgCl was used as the reference electrode. The 

faradaic efficiency of our mesoporous catalyst for oxygen evolution was estimated using the water 

displacement method to determine the amount of gas produced18,19 

 

10.4.2 Synthesis of mesoporous Ni60Fe30Mn10-alloy based metal/metal oxide composite thick 

film catalysts 

Nanoporous metals with mesopores (pore size < 50 nm ‒IUPAC classification) or macropores 

(pore size > 50 nm ‒UPAC classification) are commonly made by dealloying, a top-down 

nanosynthesis technique where the most chemically active element is selectively removed from a 

dense parent alloy using acidic or alkaline aqueous electrolytes, sometimes in combination with a 

bias voltage.15,16,17,20,21,22 For the synthesis of our mesoporous NiFeMn-based catalyst, we use as 

the parent alloy a ternary system with composition Ni15Fe20Mn65 at. %. The mesoporous catalyst 

was obtained from the parent alloy by free-corrosion dealloying (i.e. without bias voltage 

assistance) in a 1 M aqueous solution of (NH4)2SO4. During that dealloying process, both Fe and 

Mn, which are more chemically reactive than Ni, gradually dissolve in the weak acid corroding 

solution.  Mn dissolves more readily than Fe, however, so the initial composition was chosen to 

include enough Mn to produce the desired nanoporous architecture, and enough Fe to reach the a 

near optimal Fe:Ni ratio after the majority of the Mn is removed.   
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CHAPTER 11 

Conclusions 

 

This dissertation demonstrates the utility of using precisely controlled nanoscale architectures 

for energy storage applications. The bulk micrometer-sized forms of the materials studied in this 

dissertation do not show desirable energy storage properties, but the nanoscale forms exhibit new 

and exciting functional properties. Precisely controlling matter on the nanometer scale can be 

challenging, so several synthetic strategies were developed to produce the nanostructured 

functional materials described in this dissertation. The synthetic methods utilized herein were 

selected for their ability to produce homogeneous nanoscale architectural features, so that 

meaningful correlations between size and electrochemistry could be made.  

In Chapter 2 we used nanostructured MoO2 as a model system to study the interplay between 

diffusion lengths, electronic conductivity, and phase stability on pseudocapacitive charge storage. 

Unlike micrometer size MoO2, nanosize MoO2 does not undergo a monoclinic-to-orthorhombic 

phase transformation during the lithium intercalation process. As a result of the suppression of this 

phase transformation, the charge storage at high rates is improved for nanosized MoO2, which 

supports our hypothesis that phase transformations limit pseudocapacitive charge storage. We also 

found that directly growing MoO2 on RGO decreases the MoO2 interparticle contact resistant 

significantly, which leverages the high intrinsic conductivity of this material for high rate charge 

storage. As a result, slurry electrodes based on the MoO2 / RGO composites deliver capacities of 

150 mAh/g at 50C. We propose that the combination of high electronic conductivity, and 

suppression of the storage induced phase transition, is a fundamental hallmark of pseudocapacitive 

charge storage in general.  
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Building on the understanding that suppressing phase transitions is fundamental to fast 

pseudocapacitive charge storage, we explored another distinct molybdenum oxide system to 

explore this idea in Chapter 3. The microwave synthesis used to make this material is a simple 

method for introducing oxygen vacancies into the MoO3 lattice that led to improved 

electrochemical properties such as fast charging capability and long cycle lifetimes. The 

introduction of these oxygen vacancies leads to a larger interlayer spacing along the b-axis that 

promoted faster kinetics. Similar to the MoO2 nanocrystals, the bulk phase transition is also 

suppressed in MoO3 during Li-ion insertion / deinsertion. In this system, the oxygen vacancies 

apparently increase the miscibility of Li-ions in the parent structure, leading to the phase stability 

over this Li-ion content range. As a result of these structural properties, over 150 mAh/g can be 

accessed in only 20 seconds, and 75% of the total charge stored in this material is pseudocapacitive. 

In light of this structural understanding of the pseudocapacitive charge storage mechanism in these 

oxide based materials, we extended this knowledge into a less developed field of pseudocapacitve 

materials that have significant advantages for fast charge storage.       

In Chapter 4 we explored the pseudocapcitive properties of sulfide based materials. The 

nanoscale architecture of the MoS2 was carefully controlled in order to make defined correlations 

between structure and electrochemisty. Synthesis of the porous thin films were made from 

precisely designed mesoporous MoO2, utilizing evaporation-induced block copolymer templating 

of sol-gel based materials, that were then converted into the sulfide though a solid-gas phase 

reaction. Decoupling the synthesis into two steps leverages the precise controllability of the oxide 

based sol-gel chemistry to produce the desired nanoscale architectures. Mesoporous MoS2 

combines good electronic conductivity, large van der Waals gaps, short ion-diffusion pathlengths, 

and 3-D porosity, which delivers high levels of intercalation pseudocapacitance. As a result of this 



268 

ideal structure, the charge storage process is 91% pseudocapacitive, and 81% of the charge can be 

accessed in 20 seconds.  

In Chapter 5, we demonstrated that these fast kinetics are not limited to ideal thin film 

electrodes. The hydrothermally prepared MoO2 nanocrystals described in Chapter 2 were 

converted to MoS2, and fabricated into thick slurry composite electrodes with carbon and binder. 

These electrodes are two-orders of magnitude higher in mass loading than the thin films described 

in Chapter 4, and still exhibit high levels of pseudoapacitive charge storage (81%), and charge to 

90 mAh/g in 20 seconds. We again studied the charge storage mechanism using operando X-ray 

diffraction measurements, which clearly demonstrated phase transformation suppression. In 

addition to this phase stability during cycling, the synergy between the metallic MoS2 nanocrystals 

with the porous and electronically conductive electrode architecture is responsible for the fast 

kinetics and long lifetime.  

In Chapter 6 we explored the pseudocapacitve charge storage properties of TiS2, which is 

structurally similar to MoS2. The material was synthesize as nanoplatlets, and the results illustrate 

that the 2D TiS2 morphology leads to electrochemical and structural properties which are not 

exhibited by the corresponding bulk material. Even thick film electrodes deliver 90 mAh/g in 30 

seconds and thin film studies indicate that over 85% of the total charge stored is psudocapacitive. 

As with the other pseudocapacitive materials discussed in this dissertation, this nanostructured 

TiS2 does not undergo a phase change during charge transfer. This is another demonstration that 

pseudocapcitors store charge through a solid-solution storage mechanism, and suppression of 

phase transformations underpins the fast rates and long lifetimes traditionally associated with 

intercalation pseudocapacitance.  
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These operando X-ray diffraction studies also showed that the lattice volume undergoes a small 

2% change, while micrometer size TiS2 shows a much larger 10% change. The small lattice 

expansion is related to the good reversibility, and also demonstrates that the electrochemical charge 

storage reactions are not limited to the surface of the nanocrystal, but indeed extend into the entire 

bulk of the nanocrystal. 

In the first five chapters, (Chapters 2-6) we discussed the exciting properties of both oxide and 

sulfide based pseudocapacitive materials.  The majority of the work published in this field focuses 

on the surface redox-based electrochemical reactions of ultra-high surface area materials. This bias 

toward materials showing surface pseudocapcitance has led to intercalation pseudocapcitance 

(another distinguishable pseudocapacitive mechanism) being dismissed or confused in some cases 

with traditional battery reactions. In this dissertation we have clearly distinguished the structural 

difference using several nanostructured energy storage materials that displayed fast kinetics. We 

used these systems as a platform to study the effect of morphology, chemical composition and 

phase stability on the charge storage mechanism. The results clearly demonstrate, through direct 

measurements, that pseudocapacitive materials do not undergo first-order phase changes during 

charge storage. This well characterized physical charge storage mechanism for pseudocapacitors 

is a significant addition to the design rules of these materials.  

In the second section of the dissertation, (Chapters 7-9), porous nanostructures were 

demonstrated effective at accommodating the Li-induced volume expansion in high energy density 

alloying-type materials like tin and silicon. In Chapter 7, we explored synthetic control of 

nanoporous silicon using magnesiothermic silica reduction chemistry. This chemistry enabled 

effective tuning of the porous architecture, and the material we developed with highest porosity 

could effectively accommodate the cycling induced volume expansion. The high porosity is most 
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likely retained during the volume expansion process, which leads to higher utilization and higher 

capacities. As a control, the silicon with lower porosity showed markedly lower capacity, most 

likely because the pores close during lithiation, which limits electrolyte accessibility to the bulk of 

the material. Compared to dense silicon, which deteriorates after only a few cycles, the highly 

porous silicon achieves nearly 1300 mAh/g after 500 cycles.  

In Chapter 8 the novel synthesis and electrochemical properties of nanoporous tin was 

discussed. Micrometer sized grains of nanoporous Sn were synthesized through a simple 

and scalable selective alloy corrosion method. The resulting morphology consists of a 

porous nanoscale architecture that accommodates the cycle induced volume expansion, 

while the nanoscale ligaments enable improved Li-ion insertion kinetics. The metallic 

conductivity of this material is preserved through the interconnected 3-D morphology. 

Using ex-situ transmission X-ray microscopy, tommagraphic reconstructions of a particle 

in the highest lithiated state still shows open porosity. This remaining porosity enabled good 

electrolyte accessibility throughout the alloying process leading to the high capacity and 

long cycle lifetimes. The composite electrodes, comprised of mainly nanoporous tin, 

retained over 500 mAh/g even after 350 cycles. 

In chapter 9 we have utilized porous tin as a model system to study volume change in porous 

alloy materials using operando transmission X-ray microscopy. The majority of the degradation in 

non-porous tin occurs during the first insertion process. Non-porous tin undergoes a burst 

expansion lithiation mechanism, which leads to crack formation, thick SEI growth, and ultimate 

failure of the material. Porous tin undergoes a much smaller and more gradual volume change 

compared to dense tin. The pore volume accommodates the lower density Li-rich phases, enabling 
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a six-fold reduction in the areal expansion. The direct visualization of the changes occurring in 

porous tin account for the extremely long cycle lifetimes of this material.  

Finally, in Chapter 10, we discussed how nanoscale structures can be used to increase the 

performance characteristics of a NiFeMn oxygen evolution catalyst. Similar to the chemistry used 

to synthesize nanoporous tin, was also used to synthesize this robust and ultrafine mesoporous 

NiFeMn-based metal/metal oxide oxygen-evolving catalyst. The ligament and pore sizes are in the 

range of 10 nm and a BET surface area of 43 m2/g leading to the attractive performance 

characteristics.  

Developing functional materials for advanced energy applications is a critical step in 

minimizing our use of fossil-fuel based materials. These new materials will be met with 

great skepticism by industry and consumers alike, and will be expected to perform at least 

comparably with legacy fossil-fuel based technologies. The aim of this research is not to 

phase-out these grossly polluting technologies, but to support the green-tech energy 

movement by providing competitive energy storage solutions. Electrified transportation is a 

large area that would benefited from both fast charging and high energy density storage 

technology. For example, electric vehicles will still require coal-derived electricity to charge 

the on-board battery, but generating that electricity centrally, rather than on-board through 

internal combustion, should be more environmentally friendly. In addition, cheap, high 

energy density storage solutions could enable grid-level renewable energy storage during 

non-peak demand. For these applications to be accepted in the marketplace the materials 

need to be safe, abundant, and cheap.   

The entirety of this work demonstrates the utility of nanostructured functional 

materials. The ideas presented throughout this dissertation aimed to discover underlying 
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mechanisms responsible for the enhanced functionality of nanostructured energy storage 

materials. Many of the performance characteristics contained herein are impressive, but lab 

scale demonstration does not always commute to real world manufacturing. Careful 

consideration should be taken if eventual marketization of academic lab-based materials 

have a chance at becoming real world products. Considerations such as singe step syntheses, 

low temperature methods, and water based chemistry should be developed where ever 

possible. Electrode formulations should be developed with water based binders in order to 

eliminate the use of NMP as a toxic and expensive solvent whenever possible. This work 

has introduced several new nanostructured materials into the energy storage landscape with 

high performance device characteristic. The hope is that is some small way these new 

materials and this new knowledge can be used to further the energy storage field now and in 

the years to come.  
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APPENDIX A 

Detailed Experimental Procedure for the Synthesis of MoS2 films and nanoparticles 

This section describes the detailed experimental procedures required to synthesize various 

nanostructured forms of MoS2 using the home built H2S flow system. H2S is extremely 

dangerous if not handled properly. Exposure will lead to death. At the time of writing this 

thesis the flow set-up is contained within a functioning fume-hood, Please educate yourself 

before using this chemical and exercise extreme caution! 

The flow system is designed to deliver a constant flow of gas to a tube furnace, and any 

deviation from this intended use should be carefully considered. H2S cannot be directly 

released into the fume-hood. The flow system was built with scrubbers that are in place to 

solubilize the H2S. The fume hood is an engineering control in case of the event of 

accidental exposure. Please use the scrubbers, and please use caution.   

 

A.1 Sulfurization of ordered mesoporous MoO2 thin films.  

Ordered mesoporous MoO2 thin-films were converted to MoS2 through a solid-gas reaction 

with H2S gas using this system. First, make a saturated sodium hydroxide scrubbing solution. The 

H2S should be flowed through two ~500 ml scrubbers (filter flasks) that contain this saturated 

sodium hydroxide solution. This volume and concentration of sodium hydroxide usually lasts for 

~14 hours of continuous use. After such time, the aqueous sulfide species should be oxidized using 

common household bleach (sodium hypochlorite). Carefully and slowly (heat is generated) add 

bleach to the scrubbing solution until the yellow precipitate stops forming. Allow at least one day 

for additional gas evolution to occur – do not immediately store this solution in a sealed container!  
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 After the scrubbers are attached to the flow system, the secondary flow line that carries either 

argon or forming gas can be used to ensure that there are no leaks in the system. To do this, the 

flow meter is set to 60 (30 mlmin-1). If bubbles are not observed in both scrubbers, then there is a 

leak. If a steady ~1 bubble per minute flow rate in the scrubber is observed, there is most likely 

not a leak. A positive pressure of this carrier gas should be left in the line, up to the T-valve, so that 

once the H2S is turned off, the carrier gas can be switched to without atmospheric oxygen exposure.  

  The reaction was carried out in a tube furnace at 500°C under flowing H2S/H2 (H2S 5 mol % : 

H2 95 mol %, Air Gas) for 3 hours. A low gas flow rate of 30 mlmin-1 was used to minimize 

thermal gradients across the films. This corresponds to 60 on the flow controller. Please consult 

the manufacture for the calibration table. To set the flow controller, slowly turn the valve-knob 

until the red sapphire indicator bead goes to the maximum reading. Continue increasing the flow 

until the bead falls back down to a lower reading and then set your desired flow rate. Over the first 

few hours the flow rate will steadily decrease, so this should be monitored and adjusted as needed. 

The system was cooled, under H2S/H2 flow, at 2 - 4°C min-1 until 120°C at which point the flow 

gas was changed to argon, which was used until the system reached room temperature. The samples 

were exposed to air for ~ 30-60 min before being transferred and stored in a glove box. 

A.2 Sulfurization of MoO2 nanocrystals 

MoO2 nanocrystals were prepared by solvothermal by dissolving anhydrous MoCl5 (Strem 

Chemicals) in a mixture of ethanol and deionized water at a reaction temperature of 180°C for 6 

hrs. The MoO2 nanocrystals were converted to MoS2 with H2S gas similarly to the methods 

described above. The MoO2 nanoparticles were ground well in a mortar before sulfurization; 

otherwise, full oxide conversion will not be achieved. The MoO2 nanoparticles are placed in an 
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uncapped graphite boat for the conversion. Typically one graphite boat is used and ~100-150 mg 

of material is converted at one time. The reaction was carried out in a tube furnace at 600°C under 

flowing H2S/H2 (H2S 5 mol % : H2 95 mol %, Air Gas) for 10 hours. 

 

APPENDIX B 

Detailed Procedure for the Preparation of the operando X-ray Diffraction and 

operando Transmission X-ray Microscopy Experiment   

This section describes the detailed experimental procedures required to carry out operando 

X-ray based characterization of battery materials. 

 

B.1 Modified coin cells for transmission X-ray diffraction 

Modification of the coin cells: Commercially available 2032 (2.0cm x 3.2 mm) coin cells 

were obtained from MTI Corporation. Each coin cell half case was wedged between a L-

shaped piece of plastic for stability during drilling. The coin cell half is held in place (be 

careful not to injure your hand with the power tool) and a ~3mm diameter hole is drilled 

directly in the center of the case using a TiN coated carbide drill bit. This procedure is 

repeated for both halves of the coin cell and one should verify that the holes are in good 

registry with each other. The coin cells should be cleaned well, and avoid touching them 

with un-gloved hands. At this point, the inside of the coin cell is taped with either polyeter 

tape or polyimide tape. The diameter of the tape on the inside should be just large enough to 

cover the hole, but not too large that the electrical connection between the electrode stack 

and cell can is blocked. The outside of the can should be taped at this time with the same 

type of tape that was used to tape the inside of the coin cell. These polymer tapes can vary 
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significantly, so do make sure to examine the diffraction characteristics of the tape in both 

transmission geometry and reflection geometry before using it at SSRL.   

Coin cells are fabricated with these modified coin cell pieces and spacers that are 

also have holes punched or drilled in them. After the coin cells are closed and crimped, one 

should verify that electrolyte is not leaking from the taped holes. If leaking is observed, do 

not use this cell because the integrity of the atmospheric barrier is compromised. Once all 

the cells are verified leak free, store them in air impermeable bottles until they are used.   

 

 

 

 

 

 

 

 

 

 




