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Thermal conductivity of one dimensional nanostructures, such as nanowires, 

nanotubes, and polymer fibers, is of significant interests for understanding nanoscale 

thermal transport processes as well as for technological applications in nanoelectronics, 

energy conversion and thermal management. This has fueled a significant body of 

research aiming to identify causes and enable rational engineering of thermal 

conductivity, which has predominantly been achieved by limiting the phonon mean-

free-path by the characteristic size of the nanostructure. Thermal conductivity in such 

small nanostructures could be further altered by way of phonon confinement as the 
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structure approaches the phonon wavelength and reduction of the phonon velocity, 

signified via change in the elastic constants. 

An enhanced experimental technique with 100-fold increase in calorimetric 

sensitivity has been developed to characterize the thermal properties of one-

dimensional nanostructures such as semiconductor nanowires, nanotubes, and polymer 

fibers. Thermal conductivity and mechanical properties of semiconductor 

nanostructures were measured using the developed calorimetry setup and an in-situ 

FIB tensile testing setup. The thermal conductivities of sub-20 nm Ge and Ge-Si core-

shell nanowires were measured and found to be significantly lower than bulk SiGe 

alloys or smooth Si NWs due to phonon confinement. Meanwhile, ~5 nm thick shell 

crystalline Si nanotubes were found to exhibit thermal conductivity lower than the 

apparent boundary scattering limit and even lower than ~5 nm thick amorphous Si 

nanotubes. This apparently surprising result is understood by elastic softening 

measured via tensile testing. Next, further mechanical characterization of crystalline 

and amorphous nanotubes was performed, and strong size-dependent viscoelastic 

behavior was observed in amorphous nanotubes due to a fluid-like surface, with room 

temperature viscosity equivalent to that of bulk glass above 1000 C. Finally, thermal 

conductivity and mechanical properties of polymer nanofibers with diameters down to 

sub-100 nm were measured and analyzed. The axial thermal conductivity of individual 

nanofibers is strongly correlated with the crystalline morphology of these semi-

crystalline nanofibers, while the elastic modulus stress relaxation is found to be highly 

size-dependent, enabling the smallest diameter fibers to break the stiffness-toughness 

tradeoff present in most material systems. 
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Chapter 1: Introduction 

 

1.1 Introduction to thermal properties of solids 

An important focus of nanoscale physics research has been thermal energy 

transport since it was discovered that nano-structuring can be used to engineer the 

thermal properties of many materials. In particular, studies of heat transport in 

structures with at least one nanoscale dimension, specifically in the form of thin films, 

nanowires, or nanotubes, have found that the thermal conductivity is highly dependent 

on the structure size.1-3 Heat transport in non-conducting solids, such as the materials 

studied in this thesis, is dominated by quantized atomic vibrations, called phonons, 

which propagate through the atomic structure of the material. A brief discussion 

regarding the mechanics of phonons is helpful for understanding the nature of phonon 

thermal transport. 

 

 

Figure 1.1: Infinite one-dimensional line of atoms of mass 𝑚 , distance a apart, 

connected together by springs with spring constant 𝑔. 

 

In a crystalline dielectric solid, thermal energy is transmitted through atoms, 

which are held together by chemical bonds in a regular periodic order. At a finite 

temperature, the atoms vibrate about their equilibrium positions. The chemical bonds 
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holding the atoms to one another is similar in effect to that of springs connecting many 

small masses to each other in a very large system. Motion transmits from one mass 

(atom) to another through these springs (chemical bonds), such that the displacement 

of one or more atoms propagates through the system in the form of a wave. These 

propagating microscopic vibrations, or phonons, dictate many of the macroscopic 

properties of solids, such as the specific heat and thermal conductivity. In a simple 

model, where we have an infinite one-dimensional chain of atoms of mass 𝑚 

connected together by springs with spring constant 𝑔 (Fig. 1.1), the harmonic potential 

is: 

𝑃 =
1

2
𝑔 ∑ (𝑥𝑛 − 𝑥𝑛+𝑎)2

𝑛 ,       (1.1) 

where 𝑥𝑛 is the displacement of the nth atom from its equilibrium position and 𝑎 is the 

spacing between atoms. The force on a single atom is then: 

𝑚
𝑑2𝑥𝑛

𝑑𝑡2 = −𝑔(2𝑥𝑛 − 𝑥𝑛−1 − 𝑥𝑛+1).      (1.2) 

The plane-wave solution for the atomic displacement at location n is: 

𝑥𝑛(𝑡) = 𝑈𝐾 exp[𝑖(𝐾𝑛𝑎 − 𝜔𝑡)],      (1.3) 

where K is the wave vector and ω is the frequency of the plane wave. Here we can 

define the wavelength as 𝜆𝑛 =
𝑎𝑁

𝑛
. From this we can tell that the minimum possible 

wavelength is 𝜆𝑚𝑖𝑛 = 2𝑎 , since there are not enough atoms below this length to 

support the waveform. Furthermore, the maximum wave-vector is 𝐾𝑚𝑎𝑥 =
𝜋

𝑎
 and a 

corresponding −𝐾𝑚𝑎𝑥 = −
𝜋

𝑎
, which correspond to the edges of the first Brillouin zone. 
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Figure 1.2: Dispersion relation for the infinite one-dimensional chain of atoms. 

 

 Substituting the plane-wave solutions Eq. 1.3 into Eq. 1.2 allows us to define 

the relationship between the frequency, ω, and wave vector, K, otherwise known as 

the dispersion relation for the lattice (Fig. 1.2): 

𝜔𝐾 = 2√
𝑔

𝑚
sin (

𝐾𝑎

2
),        (1.4) 

where the maximum frequency is 𝜔𝑚𝑎𝑥 = 2√
𝑔

𝑚
 and 𝑣𝑔 =

𝜕𝜔

𝜕𝐾
 is the group velocity. 

The group velocity, which is the slope of the dispersion curve, is of primary interest 

throughout the following discussions of phonons as it directly relates to energy 

transport in the system. At the zero frequency limit, the group velocity is equal to the 

speed of sound, hence, they are called ‘acoustic’ phonons.  

 Since phonons are actually quantum mechanical descriptions of atomic 

vibrations, the energy of each vibrational mode is quantized: 
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𝐸𝐾 = (𝑁𝐾 +
1

2
) ℏ𝜔𝐾,        (1.5) 

where ½ is due to the zero-point energy and the number of excited modes, 𝑁𝐾, is given 

by the Bose-Einstein distribution: 

𝑁𝐾 =
1

exp(
ℏ𝜔𝐾
𝑘𝐵𝑇

)−1
.        (1.6) 

The total energy of all the lattice vibrations (phonons) per unit volume is the 

summation of all phonon energies and branches or polarizations (p): 

𝑢 = ∑ ∫ ℏ𝜔𝑝𝑁𝐾,𝑝𝐷𝑝(𝜔)𝑑𝜔𝑝 ,       (1.7) 

where 𝐷𝑝(𝜔) is the phonon density of states for phonons of polarization p. 

 The number of allowable phonon states per polarization can be represented in a 

crystal lattice with side length L in one, two, and three dimensions as: 

𝑁1𝐷 =
2𝐾

(
2𝜋

𝐿
)
,         (1.8) 

𝑁2𝐷 =
𝜋𝐾2

(
2𝜋

𝐿
)

2,         (1.9) 

𝑁3𝐷 =
4

3
𝜋𝐾3

(
2𝜋

𝐿
)

3.         (1.10) 

The density of states in one, two, and three dimensions is therefore: 

𝐷1𝐷(𝜔) =
1

𝐿

𝑑

𝑑𝜔
𝑁1𝐷 =

1

𝜋𝑣𝑔
,       (1.11) 

𝐷2𝐷(𝜔) =
1

𝐿2

𝑑

𝑑𝜔
𝑁2𝐷 =

𝐾

2𝜋𝑣𝑔
,       (1.12) 

𝐷3𝐷(𝜔) =
1

𝐿3

𝑑

𝑑𝜔
𝑁3𝐷 =

𝐾2

2𝜋2𝑣𝑔
.       (1.13) 

 The volumetric phonon specific heat is simply the derivative of the total 

phonon internal energy with respect to temperature: 
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𝐶𝑣 =
𝑑𝑢

𝑑𝑇
= ∑ ∫ ℏ𝜔𝑝

𝑑𝑁𝐾,𝑝

𝑑𝑇
𝐷𝑝(𝜔)𝑑𝜔𝑝 ,     (1.14) 

where the dimensionality of 𝐷𝑝(𝜔) dictates the dimensionality of 𝐶𝑣 . The simplest 

solution for the phonon specific heat comes by way of the Debye approximation, 

which assumes a linear dispersion relation 𝜔 = 𝑣𝑔𝐾, with an upper bound (cutoff) of 

𝜔𝐷 on the frequency. This approximation in three dimensions leads to density of states 

per polarization of: 

𝐷3𝐷,𝐷𝑒𝑏𝑦𝑒(𝜔) =
ω2

2𝜋2𝑣𝑔
3,       (1.15) 

where the cutoff frequency is: 

𝜔𝐷 =
𝑘𝐵𝜃𝐷

ℏ
=

𝜋𝑣𝑔

𝑎𝐷
.        (1.16) 

Here, 𝜃𝐷  is the Debye temperature of the material (which is tabulated for many 

materials) and 𝑎𝐷  is the effective lattice constant under the Debye approximation. 

Using this simplification, the volumetric phonon specific heat becomes: 

𝐶𝑣 =
3ℏ2

2𝜋2𝑣𝑔
3𝑘𝐵𝑇2 ∫

𝜔4 exp(
ℏ𝜔

𝑘𝐵𝑇
)

[exp(
ℏ𝜔

𝑘𝐵𝑇
)−1]

2 𝑑𝜔
𝜔𝐷

0
,      (1.17) 

and using the definitions of Eq. 1.18, this can be rewritten as: 

𝐶𝑣 =
3𝜋𝑘𝐵

2𝑎𝐷
3 (

𝑇

𝜃𝐷
)

3

∫
𝑥4 exp(𝑥)

[exp(𝑥)−1]2
𝑑𝑥

𝜃𝐷
𝑇

0
.      (1.18) 

Under the Debye approximation, 𝐶𝑣 ∝ 𝑇3, otherwise known as the Debye 𝑇3 law. At 

sufficiently low temperature (𝑇 < 𝜃𝐷 20⁄ ), the phonon specific heat scales as 𝑇3 for a 

three-dimensional solid, 𝑇2 for a two-dimensional solid, or 𝑇 for a one-dimensional 

solid, respectively. 
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Figure 1.3: Schematic of kinetic theory formulation of phonon transport. 

 

The thermal conductivity of the solid can be derived from the kinetic theory, 

where a particle (here we will consider phonons) at position 𝑥 + Λ𝑥 travels a distance 

Λ, after which it experiences a scattering event (Fig. 1.3). The heat flux rate across the 

plane of travel is then: 

𝑞𝑥
′′ =

1

2
𝑣𝑥[𝑢(𝑥 − Λ𝑥) − 𝑢(𝑥 + Λ𝑥)],      (1.19) 

where ½ comes from half the particles coming from a distance Λ𝑥 above or below x, 𝑢 

is the internal energy of the particle, and 𝑣  is the particle’s velocity. The internal 

energy can be expanded in a Taylor series as such: 

𝑢(𝑥 + Λ𝑥) = 𝑢(𝑥 − Λ𝑥) +
𝜕𝑢

𝜕𝑥
|

𝑥
(2Λ𝑥) + 𝒪(Λ𝑥

2 ).     (1.20) 

Substituting Eq. 1.22 into 1.21 and taking Λ𝑥 = Λ cos(𝜃) and 𝑣𝑥 = 𝑣 cos(𝜃), while 

truncating the 𝒪(Λ𝑥
2 ) term gives us: 

𝑞𝑥
′′ ≈ −𝑣𝑥Λ𝑥

𝜕𝑢

𝜕𝑥
= −(cos2 𝜃)𝑣Λ

𝜕𝑢

𝜕𝑥
.      (1.21) 
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 Since the actual directions of motion of the particles are random, the average 

heat flux must be found by integrating over all possible directions through the three-

dimensional solid angle, 𝑑Ω = sin 𝜃 𝑑𝜃𝑑𝜙, where 𝜙 is the azimuthal angle: 

〈𝑞𝑥
′′〉 = −𝑣Λ

𝜕𝑢

𝜕𝑥
[

1

2𝜋
∫ ∫ cos2 𝜃 sin 𝜃 𝑑𝜃𝑑𝜙

𝜋

2
0

2𝜋

0
] = −

1

3
𝑣Λ

𝜕𝑢

𝜕𝑥
.    (1.22) 

We can then use the derivative chain rule and the fact that 
𝜕𝑢

𝜕𝑇
= 𝐶𝑣, as derived earlier 

to simplify as: 

〈𝑞𝑥
′′〉 = −

1

3
𝑣Λ

𝜕𝑢

𝜕𝑥
= −

1

3
𝑣Λ

𝜕𝑢

𝜕𝑇

𝜕𝑇

𝜕𝑥
= −

1

3
𝑣Λ𝐶𝑣

𝜕𝑇

𝜕𝑥
.     (1.23) 

From Fourier’s Law, we know that the heat flux is proportional to the temperature 

gradient by the thermal conductivity: 

𝑞′′ = −𝜅
𝜕𝑇

𝜕𝑥
.          (1.24) 

Seeing that Eq. 1.25 and Eq. 1.26 are the same form, we find that the thermal 

conductivity is simply: 

𝜅 =
1

3
𝐶𝑣𝑣Λ.          (1.25) 

Phonon transport at the micro/nano-scale is complicated by the fact that the 

characteristic length scales of the solids can be much smaller than the phonon mean-

free path (MFP), Λ, and even similar in size to the phonon wavelength, λ. Furthermore, 

Λ and λ are not constant and can have a broad distribution of values for a given 

material. From these length scales, the effects of size reduction on thermal transport 

can be categorized into three regimes: diffusive, size limited (or Casimir), and 

confinement. In the following sections, the diffusive and size-limited regimes will be 

discussed, as well as the results of previous thermal transport studies in Si and Ge 
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nanostructures and possible effects as structures are reduced to sizes comparable to the 

phonon wavelength. Finally, we will conclude the chapter with a discussion of thermal 

transport in polymers and outline the work covered in Chapters 2 through 7 of this 

thesis. 

 

1.2 Phonon transport in nanostructures 

As discussed earlier, phonon transport in nanostructures can most easily be 

understood via the kinetic theory formulation of thermal conductivity, where phonons 

are depicted as particles with specific heat C, phonon group velocity v, and phonon 

MFP Λ:4 

𝜅 =
1

3
∫ 𝐶(𝜔)𝑣(𝜔)Λ(𝜔)

∞

0
𝑑𝜔.      (1.26) 

Here the frequency (ω) dependence of each parameter is taken into account. The total 

phonon MFP (Λ) is found from the Matthiessen’s rule, where the individual MFPs due 

to phonon-phonon or Umklapp (ΛU), boundary (ΛD), and impurity/defect (ΛI) 

scattering (Figure 1.4) are taken in parallel: 

1

Λ
=

1

Λ𝑈
+

1

Λ𝐷
+

1

Λ𝐼
        (1.27) 

When the characteristic size of sample, including its length and lateral size, is longer 

than the phonon MFP (D>>Λ), heat transport is considered to be diffusive. In the 

diffusive regime, the MFP (Λ) is dominated by volumetric phonon-phonon (Umklapp) 

or phonon-defect scattering. Heat conduction here is well matched to Fourier’s Law 

and the thermal conductivity generally follows the Debye T3 power law at low 

temperature. 
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Figure 1.4: Phonon mean-free paths (MFPs) associated with phonon-phonon or 

Umklapp (ΛU), boundary (ΛD), and impurity/defect (ΛI) scattering. As the 

characteristic size of the nanostructure shrinks and approaches the scale of the 

phonon MFP (D~Λ), increased diffuse boundary scattering at surfaces and interfaces 

dominates the thermal conductivity, a regime known as the boundary-limited or 

Casimir regime. 

 

As the characteristic size of the nanostructure is reduced to the order of 

the phonon MFP (D~Λ), increased diffuse phonon boundary scattering at 

nanostructure surfaces and interfaces dominates5-7 and a strong size dependent 

thermal conductivity, nearly proportional to the characteristic size, is observed. 

This is the size limited or Casimir regime and the MFP in the thermal 

conductivity, as defined in Eq. 1.1, can be replaced with the characteristic size 

of the nanostructure, D, yielding:  

𝜅 =
1

3
𝐶𝑣𝐷.         (1.28) 
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To better understand the effect of reduced structure size, it is useful to 

understand the length scales associated with phonon transport, namely, the MFP 

and wavelength. Of particular interest are semiconductor materials, specifically 

Si as it is the most widely used and studied semiconductor. Molecular dynamics 

(MD) simulations for crystalline silicon have expanded the knowledge of phonon 

spectrums in such materials, especially towards the engineering of nanostructures to 

control thermal conductivity.8 Phonon MFPs in silicon (Figure 1.5) have been found, 

both computationally and experimentally, to extend up to 10 µm and phonons with 

MFPs longer than 1 µm contribute to almost half of heat transport at 277 K.8, 9 

Meanwhile, the phonon wavelength (λ) can extend from 0.5 nm up to 6 nm. Optical 

phonons, which have low propagating speed, have MFPs less than 9 nm10 and 

contribute only to ~5% of heat transport.8  
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Figure 1.5: Phonon mean-free path (MFP) and wavelength (λ) distribution in 

crystalline Si at 277 K based on molecular dynamics simulations. Red lines represent 

the thermal conductivity accumulations as functions of phonon MFPs and 

wavelengths.11 

 

 

1.3 Thermal conductivity of thin Si and Ge films 

Since the MFP in Si ranges from ~10 nm to 10 µm (Fig. 1.5), boundary 

scattering is expected to have a significant impact the thermal conductivity of micro- 

and nano- scaled thin films. This strong size dependence has been observed in Si films 

measured on SOI wafers and in suspended films, all on the order of ~100 nm, with 

thermal conductivities slightly reduced (~100 W m-1 K-1) from the bulk value (~140 W 

m-1 K-1).12-18 These measurements showed that the average phonon MFP in Si is ~300 

nm, much longer than previous estimates based on kinetic theory (~40 nm), as the 

latter neglects the dispersion of phonons. Measurements on suspended Si bridges have 
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shown that the thermal conductivity of 30 and 20 nm thick Si films is further reduced 

by a factor of ~5, to 31 and 22 W m-1 K-1, respectively,19-21 similar to that of an ~18 

nm thick single crystal film measured with the suspended micro-device technique22 

(~20 W m-1 K-1). A non-contact technique based on two-laser Raman thermometry23 

has also been used to measure suspended films down to a thickness of ~10 nm, which 

were found to have thermal conductivity of ~10 W m-1 K-1, while micron scale films 

were bulk-like.24 Figure 1.6 shows the size-dependent thermal conductivity of the 

various measured films. Similar size-dependence has been observed in ~40, 60, and 

100 nm thick Ge films,25 however, the thermal conductivity is subdued compared to 

that of Si due to the heavier atomic mass of Ge, which reduces phonon group velocity. 

The Ge films also exhibit an interesting nearly constant thermal conductivity above 

100 K, at least up to the maximum measured temperature of 300 K (Fig. 1.7).  
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Figure 1.6: Thickness/diameter dependence of thermal conductivity for Si and Ge 

films12-25 and nanowires (NWs)5, 6 at 300 K. Si film thermal conductivity decreases 

rapidly with film thickness from bulk-like values for micron scale films and ultimately 

reduced almost twenty-fold in 10 nm thick films. Si NWs experience an even steeper 

drop in thermal conductivity with size due to increased phonon boundary scattering. 

Surface roughness has also been found to significantly reduce the thermal conductivity, 

with large roughness allowing further reductions below size alone, allowing for 

relatively large nanostructures with low thermal conductivity. 
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Figure 1.7: Temperature dependent thermal conductivity of Si nanowires (NWs)6 and 

Ge films25. A clear reduction of thermal conductivity with size can be seen, with 

labelled sizes indicating the thickness of films and diameter of NWs. A clear change in 

temperature dependence in Si NWs occurs as the diameter shrinks below 30 nm, as 

observed in the nearly linear temperature dependence of the 22 nm Si NW. 

 

 

1.4 Sub-30 nm Si and Ge films 

 While size limitations on the MFP are the primary mechanism responsible for 

reductions in thermal conductivity, as the characteristic length scales of structures 

become comparable to the phonon wavelength (D~λ), Fig. 1.5, further thermal 

conductivity reductions can be imposed on top of the Casimir limit, primarily by 
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reducing the phonon group velocity in the material. Angle-resolved Brillouin light 

scattering studies on suspended Si films have shown a steep drop in the phonon 

velocities of fundamental flexural modes for membrane thicknesses of ~10-30 nm, 

indicating a modification of the phonon dispersion (Fig. 1.8).26 This observation could 

also indicate that, at these small size scales, the effective elastic constants have been 

reduced from their bulk values, possibly due to surface effects such as coupling with 

the native oxide coating or changes in the length of near-surface atomic bonds. Such 

alterations of the elastic constants (c11, c12, c44), would lead to changes in the elastic 

modulus (E) of the nanostructure: 

𝐸 = 3𝑐44
𝑐11+2𝑐12

𝑐11+𝑐12+𝑐44
        (1.29) 

and subsequently, to the speed of sound: 

𝑣 = √
𝐸

𝜌
         (1.30) 

where ρ is mass density. Reduced effective elastic constants on this size scale have 

been observed via measurements of the Young’s modulus of sub-30 nm Si NWs27 and 

in thicker Si cantilevers28, 29, as well as in sound velocity measurements on InSb 

nanowires30. Experimental measurements of coherent confined phonons in sub-30 nm 

Si membranes have also found that phonon relaxation times are dominated by 

scattering due to surface roughness of about 0.5 nm while thicker films in the range of 

~100 nm were dominated by phonon-phonon interactions.31 
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Figure 1.8: Angle-resolved Brillouin light scattering measurement on suspended Si 

films showing a steep drop in the phonon velocities of fundamental flexural modes for 

~10-30 nm thick films.26 

 

1.5 Thermal conductivities of thin Si and Ge nanowires 

Thermal conductivity of individual crystalline Si NWs6 with diameters ranging 

from 22 to 115 nm were measured over a temperature range of 20-320 K and were 

found to be highly dependent on the wire diameter (Figure 1.6). The reduced thermal 

conductivity is due to the increase in phonon-boundary scattering as the diameter is 

reduced. Modeling based on the BTE, using only classical size effects and fully 

diffuse boundary scattering,32, 33 was able to accurately predict the thermal 

conductivity of the larger NWs (37-115 nm), but was unable to replicate the 
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temperature dependence or thermal conductivity of the 22 nm wire. This thin NW 

exhibited a unique linear temperature dependence with no peak over the measured 

temperature range, up to ~300 K, as seen in Figure 1.7. This is in contrast to the 

behavior of the larger diameter wires where the peak thermal conductivity values 

occurred at higher temperatures as the diameter was reduced, indicating the growing 

importance of boundary scattering over phonon-phonon (Umklapp) scattering.  

At low temperatures (Fig. 1.9) the thermal conductivity of the relatively larger 

nanowires, 115 and 56 nm diameter follows the Debye T3 law, similar to bulk Si. This 

is due to the temperature dependence of the phonon heat capacity, as phonon boundary 

scattering is temperature or frequency independent and only scales the thermal 

conductivity. A transition occurs near ~30 nm, as the 37 nm diameter Si NW shows 

the beginning of deviations from the cubic trend. Further size reduction leads to the 

near linear temperature dependence of thermal conductivity observed in the 22 nm Si 

NW. Further measurements on sub-30 nm diameter Si NWs34 confirmed the low-

temperature (20-100 K) linear behavior. 

 Several reasons have been posited for the strong change in thermal 

conductivity behavior for the sub-30 nm wires, including frequency dependent phonon 

boundary scattering rates (quasi-specular reflection at surface)34, the presence of high 

frequency phonon modes not present in bulk Si due to surface oxidation32 or 

confinement of phonons and reduced phonon group velocity35, 36. It is also noteworthy 

that studies on the elastic moduli of individual Si NWs show a steep reduction from 

bulk values for wire diameters thinner than 30 nm,27 which could mean that the 
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effective elastic constants soften as wires become thinner, similar to the previously 

mentioned phenomena softening in sub-30 nm thin films26 and InSb NWs30. 

 

 

Figure 1.9: Temperature power law relations compared to experimental measurements 

on 22, 37, 56, and 115 nm diameter crystalline Si nanowires (NWs)6. The solid red 

lines denote the linear (T), quadratic (T2), and cubic (T3) temperature power law trends 

for thermal conductivity. The cubic temperature trend for thermal conductivity is valid 

at low temperatures, specifically one tenth of the Debye temperature (ΘD=645 K for 

Si), where Umklapp scattering processes freeze out and the phonon MFP is limited to 

the characteristic size of the sample. 
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Molecular dynamics simulations of wires approaching ~20 nm diameter with 

realistic oxidized surface and roughness have shown that drastic reductions in thermal 

conductivity can occur and could help explain mechanisms present in sub-30 nm 

wires.37-40 One theory regarding the measured linear temperature dependence is based 

on results of such simulations and concerns the interplay between the reduced 

dimensions and the presence of non-propagating vibrational phonon modes.41 Another 

theoretical framework developed to explain the ~20 nm NW thermal conductance 

behavior is based on incoherent scattering of short wavelength phonons at surfaces 

combined with contributions from long wavelength phonons which are quasi-

ballistic.42 These quasi-ballistic modes are only weakly scattered by surface roughness 

on the scale of the lattice constant (~0.5 nm) and will reflect specularly from the NW 

surface, leading to a similarly linear low temperature dependence of thermal 

conductance. This study also concluded that at such small length scales, localization 

effects become increasingly important. For thick NWs, specularly reflected modes can 

be neglected, as they do not contribute as much to the thermal conductivity, however 

they become increasingly important for small structures.34  

 

 

1.6 Thermal transport in polymers 

Highly efficient thermal energy transport is a crucial aspect due to its extensive 

applications in energy dissipation and conversion devices such as solar heat collectors, 

heat spreaders and exchangers, and electronic packaging. Nowadays, most commercial 

heat transfer components are made of conventional metallic materials, such as Cu and 
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Al. Recent progress in polymeric material engineering, especially in the synthesis and 

processing of materials with structure on nanometer length scales has created very 

promising opportunities for designing and fabricating nanostructured thermal transport 

materials with enhanced or entirely new combinations of functions that are very 

different from the corresponding macroscopic entities. Highly thermally conductive 

particles such as carbon nanotubes and metal nanoparticles are often incorporated into 

resins to optimize nanocomposite structures for heat transfer along a continuous path 

to a heat sink43. This approach, however, can only yield very limited enhancement due 

to the high interfacial thermal resistance between the additive foreign particles and the 

polymer matrix44. Alternatively, it has been discovered that, in addition to enhanced 

mechanical performance45, 46, polymer materials under tension also exhibit increased 

thermal conductivity along the tensile direction45, 47-51. Polymeric materials that are 

nearly insulating in conventional bulk forms52-54 can increase in thermal conductivity 

when they are stretched (drawn) to high aspect ratios. For instance, the thermal 

conductivity (κ) of micron-sized polyethylene fibers were found to increase from 0.2 

W m-1 K-1 in bulk forms to 50 W m-1 K-1, accompanied by a drastic increase in 

Young’s modulus45 (Fig. 1.10a). More recently, Shen et al.55 observed a κ as high as 

~100 W m-1 K-1 for a single polyethylene (PE) nanofiber with diameter down to ~100 

nm (Fig. 1.10b,c), whose thermal performance is above that of most metallic alloys 

and approximately half of pure metals, including platinum, iron and nickel. Theories 

suggest that even a very high (~350 W m-1 K-1) or possibly divergent thermal 

conductivity could be possible for isolated individual PE chains, which is competitive 

with commonly used pure aluminum (237 W m-1 K-1) and copper (401 W m-1 K-1).56, 57 
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Therefore, polymer nanofibers represent a new class of materials ideally suited to 

energy applications and related technologies that require good thermal conductivity, 

electric insulation, chemical stability, high mechanical performance, light weight, 

controllable cost, and mass producibility.  

 

 

Figure 1.10: (A) Thermal conductivity versus Young’s modulus of micron-sized 

polyethylene fibers are strongly correlated and both increase when the fibers are 

drawn.45 (B) Thermal conductivity measurement setup for single polyethylene (PE) 

nanofiber measurement (with diameter down to ~100 nm).55 (C) Thermal conductivity 

versus draw ratio of single polyethylene (PE) nanofiber with near-metallic thermal 

conductivity. 

 

A number of studies have attempted to explain the heat transport mechanisms 

in polymer fibers. It has been found that the thermal conductivity often exhibits 

significant anisotropy when the polymers are under strain. This anisotropy can be 

related to a statistical distribution of the polymer chain orientations. As an intrinsically 

low-dimensional system, isolated individual polymer chains can have very high 

thermal conductivity58. However, a macroscopic ensemble of polymers chains is often 

a thermal insulator because the twisted random orientations of the polymer chains and 

the weak coupling between the chains, in addition to inherent defects such as voids, 

impurities, polymer chain ends and entanglements, generate high interfacial thermal 
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resistance between conducting crystalline domains such that the mean free path of the 

major energy carriers, phonons, is very short and the energy contained in high-

frequency phonon modes must first transfer to low-frequency modes through phonon-

phonon coupling in order for the energy to be exchanged across these defect locations. 

However, in low-dimensional polymeric nanofibers, defects due to fiber fractures are 

less likely to exist and polymer chains tend to form highly oriented structures because 

of the axial confinement and large surface aspect ratio. Liu and Yang59 showed by 

molecular dynamics simulations that 𝜅  of polymer nanofibers is tunable through 

mechanical strain. They further examined the length dependence of 𝜅  in polymer 

nanofibers and found that the competition between ballistic phonon transport and 

diffusive phonon transport in a polymer chain leads to a diverging length-dependent 

thermal conductivity60. Henry et al.56, 61 also showed that thermal conductivity 

increased with polymer chain length, specifically PE, and could be as large as several 

orders of magnitude greater than bulk PE. Ab-initio calculations performed by Jiang et 

al.62 showed that 𝜅  of PE nanofibers can be as high as 100 W/m-K at room 

temperature. Zhang et al.63 further showed that the thermal conductivity of PE 

nanofibers is tunable through morphology. Pal et al.64 showed that the conductivity is 

enhanced as adjacent chains become more aligned along the direction of heat 

conduction but diminishes when they are oriented orthogonally to heat flow.  

It is believed that stress imposed during the fiber drawing will re-orient the 

crystallites along the draw direction. These crystallites are connected by tie-molecules 

which originate in the unfolding polymer chains. Upon further drawing, increasing 

numbers of tie-molecules become fully extended, producing extended polymer chains 
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and leading to increases in average crystal sizes leading to both enhanced mechanical 

strength and thermal conductivity. Therefore, much effort has gone into developing 

advanced fabrication techniques to align the polymer chains by uniaxially stretching 

the bulk polymer into nanofibers for high modulus and high thermal conductivity. This 

includes direct proximal probe based drawing55 and nanoporous template wetting.65 

Despite these recent advancements in drawing techniques, there is still a lack 

of fundamental and quantitative understanding of the relationship between the 

structures and the attained thermal transport properties, specifically, how the 

anisotropic alignment of polymer crystallites in nanofibers is correlated with the heat 

transport. In Chapters 6 and 7 of this thesis, we cover the relationship between size, 

structure, and mechanical and thermal properties of individual semi-crystalline Nylon-

11 nanofibers, aiming to shed light on the structure-property relationship. 

 

1.7 Organization of the thesis 

The first part of this dissertation (Chapter 2) details an enhanced experimental 

technique capable of measuring thermal conductance of ~10-11 W K-1, ~100X more 

sensitive than the original method. The improved sensitivity is achieved by using an 

on-chip Wheatstone bridge circuit that overcomes several instrumentation issues and 

provides a more effective method of characterizing the thermal properties of smaller 

and less conductive one-dimensional nanostructures such as sub-30 nm semiconductor 

nanowires and polymer fibers. Heat losses and parasitic background signals are also 

discussed and methods to mitigate or remove them are detailed. 
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The next section (Chapters 3, 4, and 5) details thermal conductivity and 

mechanical measurements on sub-30 nm semiconductor nanostructures using the 

developed calorimetry setup. In Chapter 3, the thermal conductivities of pristine Ge 

and Ge-Si core-shell nanowires with diameters less than 20 nm were measured and 

found to be significantly lower than bulk SiGe alloys or smooth Si NWs of similar 

size. Boltzmann transport models reveal that thermal conductivities of the sub-20 nm 

nanowires are further suppressed beyond the diffusive boundary scattering limit by 

phonon confinement.  

Next (Chapter 4), ~5 nm thick shelled crystalline Si nanotubes were found to 

have a low thermal conductivity of ~1.1 W m-1 K-1, which is lower than the apparent 

boundary scattering limit, and ~30% lower than that of amorphous Si nanotubes of 

similar size. This finding diverges from the prevailing general notion that amorphous 

materials represent the lower limit of thermal transport, but can be explained by elastic 

softening measured via tensile testing for the crystalline Si nanotube. These results 

illustrate the prospect of using elastic softening to engineer lower than amorphous, or 

‘sub-amorphous’, thermal conductivity in ultra-thin crystalline nanostructures.  

Furthermore, in Chapter 5, strong size-dependent viscoelastic mechanical 

behavior is observed in ~8 nm thick shelled amorphous SiO2 and Si nanotubes. 

Modeling shows that a ~1 nm thick fluid-like surface layer, with room temperature 

viscosity equivalent to that of bulk glass above 1000 C, leads to the observed 

mechanical behavior and matches well with our experimental results. Additionally, 

temperature dependent creep tests indicate that the creep is due to bond 

motion/switching, as opposed to bond breaking. 
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The last section deals with thermal (Chapter 6) and mechanical (Chapter 7) 

properties of polymer nanofibers with diameters ranging from 100s of nanometers 

down to sub-100 nm. In Chapter 6, the axial thermal conductivity of individual 

polymer nanofibers fabricated by electrospinning is measured and shown to strongly 

correlate with the crystalline morphology measured by high-resolution wide-angle X-

ray scattering. Meanwhile in Chapter 7, even larger increases in the elastic modulus 

are measured as the fiber diameter is reduced. Strong size-dependent stress relaxation 

is, however, also observed, enabling the smallest diameter fibers to break the stiffness-

toughness tradeoff present in most material systems. 
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Chapter 2: High-resolution thermal conductance measurement 

of nanostructures enhanced by differential bridge 

 

2.1 Introduction 

Thermal conductivity measurements of individual one-dimensional (1D) 

nanostructures have attracted significant interest in the literature, including 

semiconductor nanowires,1-3 single and multi-walled carbon nanotubes,4-12 polymer 

nanofibers,13 and molecular chains,14 etc.  These fundamental measurements not only 

advance our understanding of nanoscale thermal transport,15-17 but have also shown 

broad implications for thermal management of nanostructure based nanoelectronics 

circuits,18, 19 thermoelectric refrigeration and power generation20 as well as the design 

of thermal interface materials.21, 22   

Thermal properties of individual one-dimensional nanostructures have been 

measured quite extensively in the past by a variety of methods, including the 

commonly suspended micro-fabricated devices,23 and its variations,24 as well as the 

joule heating method.6 25  Since the joule heating method is only applicable for 

electrically conducting materials, the direct, suspended device method is more 

commonly used.  The device consists of heating and sensing membranes, separated by 

a small gap (several µm wide) and are thermally connected to the substrate solely by 

several long beams,1, 2, 23, 26 as shown in Fig. 2.1A.  The nanowire is located bridging 

the gap, in contact with both the heating and sensing membranes. A finite temperature 

difference between the membranes, measured by resistive thermometers, is used to 
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extract the thermal conductance of the nanowire. This standard, 4-point method has a 

measurement sensitivity of approximately 1 nW/K, as demonstrated by Shi et al.23  

Consequently, measurements are limited to measuring large diameter samples or small 

diameter samples which exhibit high thermal conductivity such as carbon nanotubes.  

For example, the thinnest nanowires with κ measured by this method are ~20 nm 

diameter Si nanowires with κ of approximately 10 W/m-K (thermal conductance G ~1 

nW/K).26 

 

Figure 2.1: Experimental setup. (A) A SEM images of the suspended microdevice 

used for single nanowire κ measurement; (B) Electrical measurement setup including 

4-point measurement of the heater resistance Rh, and bridge measurement of the 

sensor resistance Rs. (C) Photograph of the on-chip heating, sensing and pair resistors. 
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However, as the size of 1D nanostructures keeps shrinking, a more sensitive 

measurement technique is necessary to measure the thermal conductivity of smaller 

nanowires which would exhibit lower thermal conductivity. Consider the case of a 

nanowire with κ = 1 W/m-K, D = 10 nm and L = 1 µm, the thermal conductance G is 

approximately 80 pico-Watt/Kelvin (pW/K), about 10 times lower than the sensitivity 

of the current measurement technique. In order to overcome this limitation, a 

measurement system capable of measuring sub-10 pW/K thermal conductance would 

be extremely desirable as sub-10 nm diameter nanowires may exhibit new phonon 

transport physics, such as quantum confinement,27 partial ballistic scattering,26 ultra-

low κ approaching the amorphous limit,3 as well as providing experimental data to 

directly compare with atomistic scale simulations.28 Such a sensitive measurement 

system could also be used to measure single wall carbon nanotubes,7 polymer 

nanofibers,13 or single strands of DNA.29 

In this paper, we developed and characterized an ultra-sensitive technique for 

measuring thermal conductance of 1D nanostructures based on suspended micro-

devices integrated into a Wheatstone bridge configuration.  The Wheatstone bridge is 

extremely sensitive to small changes in resistance in one branch of the bridge and is 

commonly used for sensitive resistance detection, such as in a strain gauge.  By using 

a bridge circuit based differential measurement instead of the absolute four-point I-V 

measurement, extremely small changes in resistance can be measured to detect 

temperature changes.  This also takes advantage of the ability of the bridge circuit to 

reject common environmental instabilities such as fluctuations in ambient temperature.  

The steady-state thermal conductance measurement for nanowires can be significantly 
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enhanced through the use of a bridge circuit in conjunction with the microfabricated 

measurement device. In this paper, both the bridge system analysis and sample 

measurement results show that the measurement sensitivity is enhanced by a factor of 

nearly 100, with a thermal conductance measurement limit of approximately 10 pW/K.  

Our study shows that the bridge measurement setup is ideally suited for measuring low 

thermal conductance samples such as small diameter nanowires and thin materials 

with low thermal conductivity.  

We also show measurements on a 15 nm diameter germanium (Ge) nanowire 

and the corresponding parasitic device background conductance signal (after the 

nanowire has been removed). This shows that for very low conductance measurements, 

the background signal becomes an appreciable portion of the measurement (about ~1/3 

in this case) and cannot be neglected. 

 

2.2 Bridge measurement: setup and verification 

Similar to the standard 4-point I-V measurement,23 the bridge based system 

consists of a micro-fabricated resistive platinum heater ( hR ) and a resistive platinum 

thermometer ( sR ). These make up the heating and sensing elements of the system, 

respectively. Changes in membrane resistance are used to monitor temperature in the 

systems. Each membrane is suspended by six long (> 400 µm) and narrow (< 2 µm) Si 

nitride beams (as seen in Figure 2.1A) ensuring heat loss from the sample to the 

ambient environment is small.1, 23 In the 4-point configuration (no bridge circuit), κ of 

a nanowire placed across the gap of the device is measured by passing a direct current 
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Idc through the Pt heater, thereby heating and raising the resistance of Rh. Both heating 

and sensing membrane resistances (Rh and Rs) are measured by 4-point I-V method 

using a small ac current iac (< 0.5 A) and lock-in amplifiers.1, 23 The 4-point method 

has a measured sensitivity of approximately 1 nW/K,1, 23 which is mainly limited by 

two factors23: 1) large temperature fluctuation of the sample stage (> 20 mK); 2) 

amplifier noise due to the large dynamic range required to measure small voltage 

changes ( V range)) on top of a large output voltage (mV range). 

The new measurement configuration using the Wheatstone bridge is shown 

schematically in Fig. 2.1B. Here, an additional on-chip pair Pt resistor ( 1R ), with 

nominally equal resistance compared to the sensing thermometer Rs, is used. 1R  is 

located on the same device chip as the heating and sensing membranes, but is 

comparatively far away from the heater and sensor such that the pair resistor 1R  will 

not be heated by Idc.  A suitable position for 1R  would be close in proximity to hR  and 

sR  (approximately 0.5 mm) in order to minimize the effects of variation in ambient 

temperature over the area of the chip.  

During the bridge measurement, a DC current coupled to an AC current (Idc + 

iac) with iac ≪  Idc is applied to the heating membrane with a heating power of 

2

dc hP I R .  A lock-in amplifier (Stanford Research SR830) is used to measure the AC 

voltage drop across the heater coil at 1. The heater coil TCR (temperature coefficient 

of resistance) is calculated after measuring the coil resistance over a large range of 

temperatures, similar to the previous method.23 On the sensing side, however, the 

sensor resistance is measured using the Wheatstone bridge circuit instead of by 4-point 
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I-V measurement.  The bridge circuit contains the sensing resistor ( )sR , a pair resistor 

( 1)R , both inside the cryogenic chamber, and a high precision resistor ( 2R ) as well as 

a variable resistor or potentiometer (
3)R . For the following experiments, a 

Vishay/Spectrol model #534B1203JCB10 potentiometer was used.  Alternatively, two 

variable resistor boxes (Extech Instruments model #380400 was used) can be 

substituted in for 2R  and 
3R , which can be tuned to balance the bridge. 

A small source voltage to drive the circuit ( sv ), is applied using a second lock-

in amplifier, which also measures the bridge gate voltage ( )gv , defined as the voltage 

difference between the left and right branches, Av  and Bv  respectively: 

2
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Thus we can define the following gate voltage in terms of the four resistors and the 

source voltage: 
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Equation (2.3) allows, with trivial rearrangement, for the calculation of the sensor 

resistance as a function of the gate voltage, where all other quantities are known: 
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In the limit where 
3R  approaches the resistance of 2R  (which is the case in our 

measurement), changes in ambient temperature are canceled out of the measurement, 

thereby guaranteeing that changes in the sensing resistance are the result of heat 

conducted from the heating membrane.  This analysis however calculates the total 

sensor resistance, which is a sum of the coil resistance, Rc, and the resistance of its two 

supporting beams, 2Rb.  The temperature is uniform over the coil and membrane (Ts) 

but varies linearly along the beams from Ts to the ambient cryostat temperature, To.  

The total heated sensor resistance is given by: 

 0
02

2

b s c
s s b c s

dR T T dR
R R R R T T

dT dT

   
        

  
   (2.5) 

Hence the change in resistance ( sR ) is solely due to the temperature difference: 

 0
b c

s s

dR dR
R T T

dT dT

 
    

 
       (2.6) 

By this simple analysis, it is shown that the change in sensing resistance can be 

equivalently modeled as a uniform temperature change over the membrane and along 

the length of only one single beam.  From this result, an effective /dR dT  can be 

found. Using the /sR T   measured from the bridge system, the effective change in 

resistance per degree change in temperature can be found to be:  

,

2

s eff s b c

b c

R R R R

T T R R

    
   

    
       (2.7) 

This allows the standard steady-state measurement analysis for suspended micro-

fabricated devices to be used with slight modification. 
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Before starting the measurements, the bridge was first balanced by adjusting 

the potentiometer (
3)R  such that vg is in the 1-10 μV range. The bridge needs to be 

balanced manually only once at room temperature. At other temperatures, the bridge 

becomes self-balanced due to the symmetry of the bridge and because the sensing and 

pair resistors increase by approximately the same resistance. Strictly speaking, the 

bridge was not completely balanced as vg was not zero. However, this would not cause 

errors in thermal measurement because Rs (which is related to Ts and ultimately to G) 

is calculated from Eq. 2.4, which is strictly valid for a bridge circuit even when it is 

not completely balanced. 

The bridge measurement shows great improvement in sensitivity compared to 

the standard 4-point measurement approach.  This can obviously be seen in Figure 

2.2A, comparing effective temperature changes measured by the bridge and 4-point 

methods. This shows that the 4-point voltage measurement follows step like behavior, 

due to digitization noise in the lock-in amplifier at a large output sensitivity range of 2 

mV to accommodate the large background voltage on the thermometer.  The bridge 

method effectively nullified the background signal leaving a small output signal at the 

gate (on the order of 1-10 μV).  Using the bridge method, the sensing lock-in amplifier 

full-scale sensitivity was set to 5 µV, reduced by a factor of 400 compared to the 4-

point measurement. Such dramatic increase of signal-background ratio from the bridge 

circuit eliminates the limitation on the dynamic range of the lock-in amplifier. 
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Figure 2.2: (A) Changes in sensing side temperature as a function of heating power 

passed through the heating membrane using bridge circuit and standard steady-state 4-

point method. The enhanced sensitivity of the bridge circuit can be seen by comparing 

the step-like signal of the 4-point measurement to the smoother bridge signal. (B) The 

temperature fluctuation in the vacuum chamber as measured by the bridge and 4-point 

measurement methods. 
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Not only does the bridge configuration allow for more sensitive measurement 

of changes in resistance, it also allows for compensation of fluctuations in the ambient 

temperature of the cryostat.  This is due to the sensor and on-chip pair resistors being 

nominally equal, such that global temperature increases affect both equally. The 

differential nature of the Wheatstone bridge cancels out such increases in resistance 

thanks to its symmetric design.  Such behavior is shown in Figure 2.2B, where 

temperature fluctuations in the cryostat were measured over a four-hour time period 

using both the bridge configuration and 4-point method simultaneously. The 4-point 

measurement experiences a maximum temperature fluctuation of 100mK, which is 

within the temperature control range of the cryostat and temperature controller. The 

bridge measurement shows a very stable signal with an effective maximum 

temperature fluctuation of only 0.6 mK despite the ~100 mK fluctuation, thus 

effectively isolating the actual sample temp rise from the change in environment. This 

is nearly a 180-fold decrease and greatly reduces the limitations on measurable 

conductance due to specific cryostat and temperature controller capabilities. 

In order to validate any results obtained using the bridge measurement setup, 

comparison between the bridge and traditional four-point methods was necessary. A 

62-nm-diameter Ge nanowire was used for the measurement in order to make sure 

both methods were able to measure the conductance.  Both the four-point and bridge 

measurements took place in the same cryo-chamber on the same suspended 

microfabricated device. The four-point measurement was run first and then device was 

re-configured to run as the bridge measurement.  Both measurements were run from 

300 to 340 K. The measured thermal conductivity of the 62 nm Ge nanowire obtained 
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using the bridge and four-point methods are shown in Figure 2.3. The thermal 

conductivity, as measured by the bridge, agrees well with the 4-point measurement. 

The small discrepancy (less than 10%) between the two measurements is due to the 

difference in the different values of TCR of the Pt resistive thermometers measured at 

different times. This indicates that the bridge method results are valid and can be 

trusted for smaller nanostructures with lower thermal conductance, which cannot be 

measured using the 4-point measurement. 

 

 

Figure 2.3: Thermal conductivity of a ~62nm Ge nanowire calculated using the bridge 

and four-point measurement methods. 
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2.3 Bridge measurement sensitivity 

The sensitivity of the bridge measurement overcomes the sensitivity of the 

lock-in amplifier and is dictated by the voltage noise at the amplifier input.  This noise 

is calculated using the time constant and filter roll-off settings of the amplifier.  For 

the sensing resistor lock-in amplifier measurement, these correspond to 300 ms and 24 

dB/oct, respectively.  Given the input noise of the SR830 lock in amplifier of  5 𝑛𝑉/

√𝐻𝑧 and the equivalent noise bandwidth (ENBW, f ) of 0.26 Hz ( 5 / 64f    where 

𝜏 is the time constant, 300 ms), the noise at the amplifier input is therefore,  

(5 ) 2.6 ampN nV f nV          (2.8) 

Additional voltage noise is then caused by the individual resistors used in the bridge 

circuit itself.  This Johnson noise is calculated for each resistor and is given by: 

4 7.4J BN k TR f nV          (2.9) 

Here, T is the temperature of the resistor (300 K), R is the respective resistance value 

( 1 2 3  3.2 ΩsR R R R k    ), Bk  is the Boltzmann constant, and f  is the equivalent 

noise bandwidth (0.26Hz). The total voltage noise at the lock-in input is calculated 

using all of the noise sources in the system: 

2 8 g i

i

V N nV           (2.10) 

Using Eq. (2.3), we can define a small change in sensor resistance 

corresponding to a small change in gate voltage.  After setting the gate voltage change 

equal to the total voltage noise, the limit of the resistance change (noise equivalent 
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resistance) that can be resolved can be found.  Assuming that the resistance values are 

much larger than the change in resistance, we can calculate the following: 

 
2

2

2

5 
g s

s

s

V R R
R m

V R

  
    

 
      (2.11) 

Using the measured temperature coefficient of resistance (TCR) of the platinum coil 

(0.0018/K), the noise equivalent temperature (NET) can be defined from the noise 

equivalent resistance calculated above: 

0.6

s

s

R
R

NET mK
TCR



         (2.12) 

This NET, 0.6 mK, is consistent with Fig. 2.2B and is much lower than that of the 4-

point method using similar micro-devices, 13-27 mK at 300 K (as seen in Figure 

2.2A).23  Tests at lower temperatures show that there is no appreciable change in the 

sensitivity.  

Finally, a noise equivalent conductance ( )sNEG  can be defined, representing 

the resolution of the measured conductance.  To calculate the resolution, we used the 

previously calculated NET, the conductance of the suspending beams measured 

experimentally (~98 nW/K), and the temperature difference between the heating and 

sensing membranes (~ 5 K): 

12  /s b

h s

NET
NEG G pW K

T T
 

 
      (2.13) 

This is approximately 100 times more sensitive than the 4-point method 

( 1  /sNEG nW K ).23   
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Experimental validation of the above calculations was performed at 300K.  

Several lock-in bridge settings were also varied to experimentally fine tune the 

sensitivity.  From the ENBW ( 5 / 64f   ) and Eq. (2.11), the two settings that can 

be easily changed are the lock-in time constant,  , and the bridge circuit drive voltage, 

sv . Figure 2.4 shows temperature rise of the sensing resistor versus applied heating 

power of the heater for cases of 20, 70, and 100 mV applied to drive the bridge circuit 

as well as time constants of 0.3, 1, 3, and 10 s. These measurements were taken while 

measuring the background signal (consisting of radiation, conduction by residual gas 

molecules, etc.) with no wires or solid materials bridging the two membranes. The 

output signal from the bridge can easily be measured due to background heat transfer, 

whereas output from the 4-point measurement of the sensor is not sensitive enough to 

capture this behavior and only experiences the noise in the system. As can be seen in 

Figure 2.4A, B and C, for any applied voltage, increasing the time constant allows for 

a smoother, more accurate measurement, although total measurement time must still 

be practical.  The inset of Figure 2.4A shows that NET falls from 2 mK with a time 

constant of 0.3 s to 1 mK with a 10 s time constant for 20 mV applied voltage. For 70 

mV applied voltage, NET falls from 1mK for τ = 3 s to less than 0.5 mK for τ = 10 s 

(Figure 2.4B). As the driving voltage is increased to 100 mV (Figure 2.4C), NET is, 

conservatively, 1 mK for τ = 0.3 s, down to less than 0.5 mK for τ > 3 s. The 

associated temperature rise in the heating and sensing resistances shows that heat 

conducted to the sensing side is very small compared to Joule heating of the heater 

coil.  From the approximate NETs in Fig. 2.4, sNEG s  can be calculated using Eq. 
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(2.13). For a 5 K difference between the heating and sensing membranes, the 
sNEG is 

~40, ~20 and ~10 pW/K for NET values of 2, 1 and 0.5 mK, respectively.  This 

compares favorably to the previous calculations while also exhibiting better resolution 

due to slight changes in the measurement settings. 

 

 

Figure 2.4: Temperature rise of the sensing membrane as measured by the bridge 

circuit for different lock-in time constants (0.3 s, 1 s, 3 s, and 10 s) with (A) 20mV, (B) 

70mV, (C) 100mV applied to the bridge. The insets of (A), (B), and (C) show close up 

portions of the curves to identify noise equivalent temperature (NET) of the 

measurement. (D) Compares the 10 s time constant signals for each of the voltages 

applied to the bridge. 
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With greatly increased sensitivity to changes in resistance and measurement 

limitations due to lock-in amplifier mechanisms and temperature control, the bridge 

setup is ideal for measuring thermal conductance of small diameter nanowires with 

low thermal conductivity. Consider a nanowire at 30 K with only four acoustic phonon 

modes filled, the maximum conductance of such a wire is 4 0.11  /og nW K .27  The 

case of a 10 nm diameter nanowire with a thermal conductivity of 1 W/m-K can also 

be considered.  Assuming a length equal to the gap between the heating and sensing 

membranes (1 µm), the wire would have a conductance of 78.5 pW/K.  Both cases are 

comfortably within the measurable range of the bridge measurement system detailed 

above.   

Future improvement of the measurement sensitivity can be attained by 

reducing the resistances and improving the sensing coil TCR, by using a NbN 

resistance thermometer30 rather than Pt.  Also, if the geometry of the beams is altered 

to reduce the beam conductance-one can further reduce the heat loss to the 

environment and improve the G measurement sensitivity (Eq. (2.13)). 

 

2.4 Demonstration of the bridge method on a thin germanium 

nanowire 

To demonstrate the superior sensitivity of the new bridge method, the thermal 

conductance of a ~15 nm diameter Ge nanowire was measured. Ge nanowire is 

expected to show lower thermal conductance compared to Si nanowires with similar 

diameters because of the larger atomic mass of Ge. Measurement on ~20 nm diameter 
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Si nanowires has been done using the 4-point I-V method,26 but the measurement was 

performed at the vicinity of the sensitivity limit of this method, and hence is not 

applicable for thin Ge nanowires or smaller Si nanowires. The suspended device 

consisting of the thin Ge nanowire is shown in Fig. 2.5A. The measured Ge nanowires 

were grown by chemical vapor deposition (CVD)31 and submerged in solutions of 

organic solvent (isopropanol).26 These solutions were sonicated to disperse Ge 

nanowires from the wafer into the solution.  Solutions with appropriate concentrations 

of dispersed nanowires were then drop cast onto the suspended measurement device 

chips.  As the solution evaporated, nanowires migrated to the devices and a very small 

fraction bridged the gap between the heating and sensing membranes. Devices with 

suitably located single nanowires were chosen for bridge measurements. Nanowire 

samples were measured within a cryogenic chamber cooled by a closed cycle liquid 

helium system. The system was evacuated to ~10-5 torr ensuring that heat transfer due 

to conduction and convection was negligible. A radiation shield placed between the 

sample and chamber housing was also used to minimize the radiative exchange 

between the measurement device and the surrounding environment.32  
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Figure 2.5: Suspended 15 nm Germanium nanowire bridging the gap between the 

heating and sensing membranes. Thermal conductance of a 15 nm diameter Ge 

nanowire with the background signal, the background radiation signal (with nanowire 

removed) and the conductance of the nanowire with the background subtracted, all 

measured with the bridge measurement setup. 
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Figure 2.5B shows the thermal conductance of the nanowire compared to the 

background signal (consisting of radiation, conduction by residual gas molecules, etc.) 

for the device, over the range of 100-400 K. The background conductance was 

measured after measuring the conductance of the nanowire and cutting the wire from 

the membranes using a focused ion beam (FIB). The bridge based conductance 

measurement was run again without the nanowire, measuring the conductance 

equivalent of the radiation transfer and residual gas molecules between the heating and 

sensing membranes. The difference between the two signals represents the thermal 

conductance of the nanowire. As shown in Fig. 2.5B, the background signal is an 

appreciable proportion (~1/3) of the conductance measured for the 15-nm diameter 

nanowire and indicates that when measuring very small conductance values, the heat 

transfer between device membranes is no longer negligible. The capability to measure 

the small background conductance represents an important advantage of the bridge 

method over that of the 4-point for accurately measuring 1D nanostructures with sub 

nW/K thermal conductance. The measured conductance at 300 K, ~0.5 nW/K for the 

nanowire with background of ~0.2 nW/K, are well within the measurable conductance 

range as specified by the 10 /sNEG pW K . Therefore, smaller wires less than 10 nm 

in diameter may also be measured using this setup. 
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2.5 Characterization of heat loss from heating beams 

2.6 Modeling heat loss in variable length beams 

In the previous sections, we analyzed the thermal models describing the 

fabricated measurement device, assuming negligible heat loss along the length of the 

suspending beams. In order to verify the validity of this assumption, we measured 

average temperature of the self-heated microfabricated beams using the schematic 

shown in Fig. 2.6(b) and compared to results to a theoretical model that takes the heat 

loss into account. In this experiment, SiNx beams of varying lengths (100, 200, 400 

µm) coated with Pt for self-heating and temperature sensing were utilized for the 

comparison (Fig. 2.6).  

The heat loss along the beam is modeled by a constant heat transfer coefficient, 

h, from the beam to the ambient. The heat transfer equation along the beam thus 

follows the fin model (Fig. 2.6(a)): 

𝑘𝐴
𝑑2𝑇

𝑑𝑥2 − ℎ𝑃(𝑇 − 𝑇𝑜) +
𝑄

𝐿
= 0      (2.14) 

where A is the cross sectional area, L is the length of the beam (note that 𝐿 = 2𝐿𝑏), T 

is the temperature along the beam, 𝑇𝑜 is the ambient temperature, h is the heat transfer 

coefficient, P is the perimeter of the SiNx surfaces, and Q is the electrical power 

dissipated in the beam.  
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Figure 2.6: Thermal conductivity (𝜅) and heat transfer coefficient (ℎ) determination of 

the SiNx beams. (a) Schematic of the thermal fin model. (b) A suspended beam of 

total length 𝐿 self-heated by applying a current 𝐼.  

 
 
 

In the case when the heat loss is negligible (h=0): 

∆𝑇 = 𝑇 − 𝑇𝑜 =
𝑄𝑥

2𝑘𝐴
(1 −

𝑥

𝐿
)       (2.15) 

∆𝑇̅̅̅̅ =
𝑄𝐿

12𝑘𝐴
         (2.16) 

𝑄

∆𝑇̅̅̅̅
=

12𝑘𝐴

𝐿
         (2.17) 

Whereas assuming heat loss is not negligible (h≠0)33: 

∆𝑇 =
𝑄

ℎ𝑃𝐿
[1 −

sinh(𝑚𝑥)+sinh (𝑚(𝐿−𝑥))

sinh (𝑚𝐿)
]      (2.18) 

where 

𝑚 = √
ℎ𝑃

𝑘𝐴
         (2.19) 
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and subsequently, 

∆𝑇̅̅̅̅ =
𝑄

ℎ𝑃𝐿
[1 −

2(cosh(𝑚𝐿)−1)

𝑚𝐿 sinh (𝑚𝐿)
]       (2.20) 

𝑄

∆𝑇̅̅̅̅
=

ℎ𝑃𝐿

[1−
2(cosh(𝑚𝐿)−1)

𝑚𝐿 sinh (𝑚𝐿)
]
        (2.21) 

Figure 2.7 shows heating power over average beam temperature vs. beam width 

divided by length. For short beam lengths (<200 μm), the negligible and non-

negligible heat loss models converge, validating the simplified thermal analysis. For 

longer beams, however, heat loss becomes increasingly significant, such that 

neglecting heat loss can lead to an overestimated temperature rise.  
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Figure 2.7: Heating power over average temperature rise vs. width over length for 

suspended beams with and without heat loss, solid and dashed lines, respectively. 

Three microfabricated beams of different lengths (100, 200, 400 μm) were measured 

(solid dots) and compared to theoretical curves with fitted thermal conductivity and 

heat transfer coefficient. 
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The effective thermal conductivity of the Pt coated SiNx can be found from 

fitting the short length beams to the negligible or non-negligible heat loss models. 

With knowledge of the effective thermal conductivity of the beams, we can calculate 

the heat transfer coefficient describing the heat loss for longer beams. After 

calculating the effective thermal conductivity of the beams from 300 to 450 K using 

the 100-µm-long device, we calculated the heat transfer coefficient at each ambient 

temperature using the 400-µm-long beam, as shown in Fig. S6. In the limit of small 

temperature rise due to the self-heating (< 10 K), one can also estimate the heat 

transfer coefficient due to radiation heat transfer from the SiNx beam to the ambient 

from: 

ℎ𝑟 = 4𝜀𝜎𝑇3         (2.22) 

where ε and σ are the emissivity (0.88 for SiNx
34) and Stefan-Boltzmann constant, 

respectively. The calculated ℎ𝑟  is also plotted as the dash line in Fig. 2.8. The 

measured and calculated heat transfer coefficient values are in good agreement with 

each other, leading us to believe that that heat loss in the suspended structures is 

primarily due to radiative thermal exchange with the sample surroundings. 
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Figure 2.8: Measured (dots) and calculated (dash line, Eq. 2.22) heat transfer 

coefficient for the 400-μm-long beam from 300 to 450 K.  

 

 

2.7 Verification of negligible heat loss in short-beam devices 

In the previous section, it was shown that the heat loss is negligible in devices 

with 𝐿 = 100 𝜇𝑚 (or 𝐿𝑏 = 50 𝜇𝑚). Therefore, these short-beam suspended devices 

were chosen in this study for thermal measurements in order to ensure accurate 

thermal analysis (in addition to the fact that the short-beam devices have smaller 

thermal time constant and higher roll-off frequency). To directly verify negligible heat 

loss from the beams in the short-beam devices, we fabricated suspended devices with 

the same beam length (𝐿𝑏 = 50 𝜇𝑚) but containing pads with serpentine Pt lines in 

order to measure temperature of both the beams and the pads (Fig. 2.9). 
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Figure 2.9: SEM image of microfabricated short-beam ( 𝐿𝑏 = 50 𝜇𝑚 ) suspended 

device with pads containing serpentine Pt lines. 

 

 

 

The average temperature rise of the self-heated beams, non-self-heated beams, 

and the suspended pads were measured and are plotted in Fig. 2.10. It can be shown 

that, for beams with negligible heat loss, the average temperature rise for the self-

heated and non-self-heated beams is 2/3 and 1/2 of that for the pad, respectively, as we 

observed experimentally (Fig. 2.10). Therefore, we have verified experimentally that 

the heat loss from devices with 𝐿𝑏 = 50 𝜇𝑚 is negligible at room temperature.  
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Figure 2.10: Average measured temperature rise of suspended pad and suspending 

beams for two cases, self-heating (green square) and no self-heating (red triangle). 

Dashed and solid lines represent 2/3 and 1/2 of the pad temperature rise (black circle), 

respectively. 

 

 

 

2.8 Effects of heat loss from long-beam suspended devices 

For devices suspended by long/wide beams, such as those used in this study, 

heat loss along the length via radiation or conduction by residual gas molecules may 

not be negligible, and needs to be examined.35 First, assuming the heat loss from a 

suspended beam to the ambient is characterized by h, the heat transfer coefficient 

along the beam, the differential temperature distribution along the suspended beam is 

∆𝑇 =
𝜃𝐿 sinh(𝑚𝑥)+𝜃𝑏sinh (𝑚(𝐿−𝑥))

sinh (𝑚𝐿)
,      (2.23) 

and the heat current transferred through that beam from the suspending pad to the 

environment is 
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𝑄 = √ℎ𝑃𝑘𝐴
𝜃𝑏 cosh(𝑚𝐿)−𝜃𝐿

sinh (𝑚𝐿)
,       (2.24) 

where P is the perimeter of surfaces undergoing heat loss along the beam, k is the 

thermal conductivity of the beam, A is the cross sectional area of the beam, L is the 

length of the beam, 𝑚 = √ℎ𝑃/(𝑘𝐴), and on the heating pad 

𝜃𝐿 = {
𝐼ℎ

2𝑅𝑏

ℎ𝑃𝐿
, ℎ𝑒𝑎𝑡𝑖𝑛𝑔 𝑏𝑒𝑎𝑚

0, 𝑛𝑜𝑛 − ℎ𝑒𝑎𝑡𝑖𝑛𝑔 𝑏𝑒𝑎𝑚
      (2.25) 

𝜃𝑏 = {
∆𝑇ℎ −

𝐼ℎ
2𝑅𝑏

ℎ𝑃𝐿
, ℎ𝑒𝑎𝑡𝑖𝑛𝑔 𝑏𝑒𝑎𝑚

∆𝑇ℎ, 𝑛𝑜𝑛 − ℎ𝑒𝑎𝑡𝑖𝑛𝑔 𝑏𝑒𝑎𝑚
      (2.26) 

while on the sensing pad 

𝜃𝐿 = 0          (2.27) 

𝜃𝑏 = ∆𝑇𝑠         (2.28) 

where ∆𝑇ℎ is the temperature rise of the heating pad, ∆𝑇𝑠 is the temperature rise of the 

sensing pad, 𝐼ℎ  is the DC heating current applied to the heating pad, and 𝑅𝑏  is the 

resistance of one suspending beam. 

Since the total power input to the heating pad (𝐼ℎ
2𝑅𝑐) is dissipated through the 

suspending beams (each with resistance 𝑅𝑏) of both the heating and sensing pads, an 

energy balance gives us 

𝐼ℎ
2𝑅𝑐 = −4𝑘𝐴

𝜕𝑇

𝜕𝑥
|𝑥=0,𝑛𝑜𝑛−ℎ𝑒𝑎𝑡𝑖𝑛𝑔,

ℎ𝑒𝑎𝑡𝑖𝑛𝑔 𝑝𝑎𝑑

− 2𝑘𝐴
𝜕𝑇

𝜕𝑥
|𝑥=0,ℎ𝑒𝑎𝑡𝑖𝑛𝑔,

ℎ𝑒𝑎𝑡𝑖𝑛𝑔 𝑝𝑎𝑑

− 6𝑘𝐴
𝜕𝑇

𝜕𝑥
|

𝑥=0,𝑠𝑒𝑛𝑠𝑖𝑛𝑔 𝑝𝑎𝑑
, 

(2.29) 

which becomes 

𝐼ℎ
2𝑅𝑐 = 6√ℎ𝑃𝑘𝐴 coth(𝑚𝐿) [∆𝑇ℎ + ∆𝑇𝑠] − 2𝐼ℎ

2𝑅𝑏
cosh(𝑚𝐿)−1

𝑚𝐿 sinh(𝑚𝐿)
,  (2.30) 

and can be simplified to 
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𝐼ℎ
2𝑅𝑐 + 2𝑓𝐼ℎ

2𝑅𝑏 = 𝑃𝑡𝑜𝑡 = 𝐺𝐿(∆𝑇ℎ + ∆𝑇𝑠),     (2.31) 

where 𝐺𝐿 = 6√ℎ𝑃𝑘𝐴 coth(𝑚𝐿)  is the total heat loss conductance from the pad, 

including the heat conduction along the beams and heat loss from the beams to the 

environment, and f is defined as the heat loss factor 

𝑓 =
cosh(𝑚𝐿)−1

𝑚𝐿 sinh(𝑚𝐿)
.        (2.32) 

For simplicity, 𝑃𝑡𝑜𝑡 has been defined as the multiplication factor γ multiplied by the 

power dissipated in the suspended pad (𝑃0 = 𝐼ℎ
2𝑅𝑐), namely, 

𝑃𝑡𝑜𝑡 = 𝛾𝑃0 = 𝛾𝐼ℎ
2𝑅𝑐,        (2.33) 

and γ is a multiplication factor 

𝛾 = 1 + 2𝑓
𝑅𝑏

𝑅𝑐
.        (2.34) 

Importantly, f represents the fraction of heat generated in the supporting beam 

that conducts into the suspended pad. When heat loss is negligible, ℎ → 0, the heat 

loss factor f approaches the value 0.5, representing half the heat dissipated in the 

suspending beams conducting into the heating membrane and the other half 

conducting to the substrate. In this case, the multiplication factor becomes 

𝛾 = 1 +
𝑅𝑏

𝑅𝑐
,         (2.35) 

which is the definition used for previous analysis1 of suspended nanowire 

measurements with negligible heat loss assumed. 

The sensing side measurement requires the use of a Wheatstone bridge circuit, 

which measures the change in resistance of the suspended pad coil and two of the 

supporting beams. This leads to a non-uniform temperature distribution, which 

requires a slight change in the TCR used.36 That definition, however, is based on the 
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linear temperature distribution in the suspending beams on the sensing side and 

therefore must also be altered: 

∆𝑅𝑠 = 2
𝑑𝑅𝑏

𝑑𝑇
∆𝑇𝑏
̅̅ ̅̅ ̅ +

𝑑𝑅𝑐

𝑑𝑇
∆𝑇𝑝 = 2

𝑑𝑅𝑏

𝑑𝑇
𝑓∆𝑇𝑝 +

𝑑𝑅𝑐

𝑑𝑇
∆𝑇𝑝    (2.36) 

𝑇𝐶𝑅𝑠,𝑒𝑓𝑓 = (
𝑑𝑅𝑠

𝑑𝑇
)

𝑒𝑓𝑓
= (

𝑑𝑅𝑠

𝑑𝑇
)

2𝑓𝑅𝑏+𝑅𝑐

2𝑅𝑏+𝑅𝑐
     (2.37) 

where ∆𝑅𝑠  is the change in resistance of the sensing side including coil and two 

beams, 𝑅𝑏 is the resistance of a single suspending beam, and 𝑅𝑐 is the resistance of the 

coil on the suspended pad. 

It is shown from both eqs. (2.34) and (2.37) that the heat loss factor f is an 

important parameter which dictates the degree of heat loss. The heat transfer 

coefficient, h, has been experimentally measured and was found to be well predicted 

by radiation heat transfer ℎ = 4𝜎𝜀𝑇3, where σ is the Stefan-Boltzmann constant, ε is 

the emissivity of SiNx, and 𝑇  is the absolute temperature of the ambient sample 

environment.37 Based on this, we can predict f as function of the ambient temperature 

according to eq. (2.32). As shown in Figure 2.11a, f varies from 0.5 at low temperature 

to approximately 0.46 at room temperature. Furthermore, definitions of γ and TCRs,eff 

above can be used to see the effect of heat loss on the system. Heat loss reduces the 

amount of heat generated in the beam being conducted to the pad and has a larger 

effect at higher ambient temperatures (Figure 2.11b), but its overall impact on γ in the 

studied system is negligible, as shown by the small change in γ (< 1%) from the no 

heat loss case. The change in the calculated TCR from ideal (no heat loss) conditions 

is also small (<2% change) (Figure 2.11c). Since the nanowire sample conductance 



59 

 

 
 

Gnw is calculated from the measured temperature rises of the heating (ΔTh) and sensing 

pads (ΔTs),
1 

∆𝑇ℎ =
∆𝑅ℎ

(
𝑑𝑅ℎ

𝑑𝑇
)

⁄ =
𝐺𝐿+𝐺𝑛𝑤

𝐺𝐿(𝐺𝐿+2𝐺𝑛𝑤)
𝛾𝑃0,     (2.38) 

∆𝑇𝑠 =
∆𝑅𝑠

(
𝑑𝑅𝑠

𝑑𝑇
)

𝑒𝑓𝑓

⁄
=

𝐺𝑛𝑤

𝐺𝐿(𝐺𝐿+2𝐺𝑛𝑤)
𝛾𝑃0,     (2.39) 

the parameters affected by the heat loss factor each affect the calculated conductance. 

Since γ and TCRs,eff are not significantly altered, the cumulative effects on the 

nanowire conductance are themselves limited, as seen in Figure 2.11(d) (< 1%). 

Therefore, for the system geometry and temperature range studied herein, the heat loss 

along the suspended beams has negligible effect compared to the other uncertainties in 

the measurement. 
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Figure 2.11: (a) Heat loss factor versus temperature. The upper limit of the heat loss 

factor is 0.5 for no or negligible heat loss (blue dashed line). (b) Percent change in γ 

versus temperature. (c) Percent change in TCRs,eff versus temperature. (d) Percent 

change in calculated nanowire conductance versus temperature. All based on average 

measured values of device parameters such as beam and coil resistance. 

 

 

2.9 Background conductance and cancellation 

The enhanced resolution of bridge-based thermal measurements also captures 

the background conductance transferred between the suspended beams. While this is 

always present, we can use the bridge system’s inherent symmetry to subtract this 

signal. As shown in Fig. 2.12 (a), one can construct a ‘cancelling’ bridge circuit to 

measure the conductance difference between a device with a nanowire sample (called 

device 1 hereafter) and a blank pair device without a nanowire (called device 2 
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hereafter). In this ‘cancelling’ scheme, an identical heating current (𝐼ℎ) is applied to 

the heating sides (𝑅ℎ and 𝑅ℎ,𝑝) of both devices, and the difference in the temperature 

rises (or resistance changes on 𝑅𝑠 and 𝑅𝑠,𝑝) on the sensing sides of the two devices is 

directly measured using a Wheatstone bridge. Since the devices are almost identical 

and their background conductance values are about the same (as we will show later), 

we can directly obtain the nanowire conductance from a single measurement based on 

this scheme (i.e., 𝐺𝑁𝑊 = 𝐺𝑁𝑊+𝐵𝐺,1 − 𝐺𝐵𝐺,2).  

Figure 2.12 (b) shows the measurement results for devices with 400-𝜇𝑚 beam 

length we used previously. The long-beam devices were used here for demonstration 

purposes because these devices possess 𝐺𝐵𝐺  values of the same order of magnitude as 

a nanowire sample (~100 pW/K). First, the total conductance of device 1 containing a 

nanowire sample (𝐺𝑁𝑊+𝐵𝐺,1) was measured without the canceling scheme (shown by 

the red triangles in Fig. 2.12 (b)), followed by the previously-described canceling 

scheme, which essentially directly measured 𝐺𝑁𝑊 (𝐺𝑁𝑊+𝐵𝐺,1 − 𝐺𝐵𝐺,2, shown as black 

circles). The difference in these two measurements (green squares) yields the 

background conductance of device 2 (𝐺𝐵𝐺,2). Subsequently, the nanowire in device 1 

was cut using a FIB, and its background conductance (𝐺𝐵𝐺,1) was measured (blue 

triangles). The difference in 𝐺𝑁𝑊+𝐵𝐺,1 and (𝐺𝐵𝐺,1) yields the intrinsic conductance of 

the NW (blue hexagons). Finally, another cancelling measurement on the two blank 

devices (devices 1 & 2) showed essentially negligible conductance (yellow diamonds) 

within the measurement uncertainty, which proved that the background conductance 

of the two devices are the same (i.e., 𝐺𝐵𝐺,1 = 𝐺𝐵𝐺,2). In effect, the cancelling scheme 
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shown in Fig. 2.12 (a) is capable of directly measuring the nanowire conductance (i.e., 

𝐺𝑁𝑊+𝐵𝐺,1 − 𝐺𝐵𝐺,2 = 𝐺𝑁𝑊). 

 

 

Figure 2.12: Characterization of background conductance. (a) Schematic of the 

canceling scheme for directly measuring the conductance of a nanowire. (b) 

Measurement results based on 400-𝜇𝑚-long devices. 
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Further examination of the background signal of a blank device was conducted 

through measurements at various chamber pressures (Fig. 2.13). At high-vacuum 

pressures (~10-4 torr) with the turbo pump switched on, the background signal was 

found to be stable around 215±7 pW/K. This was verified over multiple measurement 

runs and with multiple devices with the same gap distance between the heating and 

sending pads (all with gaps of ~4 µm wide and with 400-µm long suspending beams). 

The background conductance was slightly increased at higher pressures when only the 

mechanical pump was turned on.  
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Figure 2.13: Measured background conductance vs. chamber pressure. At high 

vacuum, the background conductance was measured consecutively over a 4-hour 

period on separate days after removing and replacing samples (1st and 2nd runs). The 

measured conductance has little variation (±3%) as long as the pressure is below 10 

mtorr. 
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2.10 Calculation of background conductance due to blackbody 

radiation 

The expected background conductance due to blackbody radiation in the new 

short-beam devices can be calculated based on the measured radiative heat transfer 

coefficient, h, and the view factor between the suspended beams.  The radiative heat 

transfer coefficient was previously found to be ≈4.2 W/m-K in section 2.5.1, 

meanwhile, the view factor, f, can be calculated by33: 

𝑓 =
2

𝜋𝑋𝑌
{[ln √

(1+𝑋2)(1+𝑌2)

1+𝑋2+𝑌2 ] + 𝑋√1 + 𝑌2 tan−1 (
𝑋

√1+𝑌2
) +

𝑌√1 + 𝑋2 tan−1 (
𝑌

√1+𝑋2
) − 𝑋 tan−1 𝑋 − 𝑌 tan−1 𝑌}    (2.40) 

where 𝑋 = 𝑡/𝑑 and 𝑌 = 𝐿/𝑑 are the dimensionless beam thickness (𝑡) and length (𝐿), 

where 𝑑 is the gap distance between the beams.  The calculated view factors for the 

100 µm long, 300 nm thick beams were 0.0205, 0.0098, and 0.0019 for gap sizes of 7, 

14, and 54 µm, respectively. The corresponding conductance can be calculated as 

𝐺𝐵𝐺 = 𝑓ℎ𝑡𝐿  and are 2.6, 1.2, and 0.24 pW/K for the 7, 14, and 54 µm gaps, 

respectively. The calculated values are about one order of magnitude lower than the 

measured conductance for the corresponding devices (measured at 29.82, 13.70, and 

2.45 pW/K at 300 K for gap distance of 7, 14, and 54 µm,). This discrepancy could be 

caused by near-field radiation effects and/or other experimental factors, which 

warrants further investigation. 
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2.11 Conclusion 

In summary, we have demonstrated that the steady-state thermal conductance 

measurement for 1-D nanostructures can be significantly enhanced through the use of 

a differential bridge circuit in conjunction with the micro-fabricated measurement 

devices.  The differential bridge method is exploited to cancel the common ambient 

temperature fluctuation and reduce the output signal (hence a greater sensitivity setting 

in the amplifier can be employed. The measurement sensitivity can be enhanced by 

more than 100 times, with a thermal conductance measurement limit of ~10 pW/K 

when appropriate experimental conditions are chosen, as demonstrated in this study.  

This makes the bridge measurement setup an excellent platform for probing thermal 

transport of 1D nanostructure with low thermal conductivity.  

We have further demonstrated this method by measuring the thermal 

conductance of a 15 nm diameter Ge nanowire and the corresponding parasitic 

background conductance signal measured from the blank device.  This indicates that 

for very low conductance measurements, the background signal becomes a significant 

percentage of the measurement and therefore cannot be neglected as it is in the 4-point 

measurement. The high sensitivity of this measurement system could allow for the 

investigation of thermal properties of single wall carbon nanotubes,7 as well as low 

conductance signal applications such as polymer nanofibers13 or single strands of 

DNA.29 

Additionally, heat loss in the suspended heating beams was discussed. After 

analyzing heat loss as a function of the beam length including analytical temperature 

models, heat loss in short beam length devices was found to have negligible effect on 
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the measurement. Furthermore, a compensation factor was derived to correct for heat 

loss in long beam length devices. Finally, the parasitic background conductance 

present during nanowire measurement can be eliminated via the discussed canceling 

measurement scheme. 
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Chapter 3: Thermal conductivity of Ge and Ge-Si core-shell 

nanowires in the phonon confinement regime 

 

3.1 Introduction 

Heterostructure semiconductor nanowires (NWs), such as core-shell structures 

of Ge-Si1 and III-V materials2, have become an increasingly important class of 

nanomaterials because of their remarkable electronic, optical and thermal properties as 

well as potential applications as building blocks for nanoelectronics3,  nanophotonics2, 

4,  photovoltaics5, 6 and thermoelectrics7. For example, Xiang et al.8 found that Ge-Si 

core shell NW transistors have high hole mobility compared to bulk Ge and strained 

SiGe heterostructure devices due to the quasi-1D hole transport in the thin NWs (~15 

nm diameter).  Zhang et al.9 observed an enhanced thermopower and reduced thermal 

conductivity () in composites consisting of Te-Bi and Te-Bi2Te3 core-shell nanorods. 

Understanding thermal transport in heterostructure NWs is crucial for many of their 

recently proposed potential applications, such as thermal management of 

nanoelectronics and nanophotonics and optimization of thermoelectric materials and 

devices10, 11. However, phonon transport in core-shell nanostructures has been 

relatively less explored compared to homogenous NWs and a complete picture of 

physical understanding has yet to be established. In the case of homogenous NWs, 

numerous studies have shown that NW thermal conductivity () can be significantly 

suppressed due to phonon boundary scattering12-14 and surface roughness15-17 when the 

characteristic size of the NW is smaller than the phonon mean free path (MFP), which 
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is in the range of 10-1000 nm for Ge and Si at 300 K18, 19. When the NW diameter is 

even smaller and is comparable to the phonon wavelength, it is expected that phonon 

confinement effects will become important, leading to a modified phonon dispersion, 

which can be important for Si NWs 20 nm in diameter as studied theoretically by Zou 

et al.20. 

Recently, a few theoretical and numerical studies have shed light on the unique 

phonon spectra and thermal transport in core-shell NWs10, 11, 21, 22 23, 24. Yang et al.11 

reported one of the first modeling works by solving the phonon Boltzmann transport 

equations (BTE) in core-shell and tubular NWs. Prasher10 obtained a simpler and yet 

highly effective analytical solution of the BTE. Both reports show that the effective  

changes with the composition and size of the core and shell structures, due to the 

nature of the ballistic phonon transport.  Pokatilov et al.21, 25 have theoretically shown 

that the acoustically mismatched barriers between the core and the shell dramatically 

influence the phonon spectra. The key parameter is the acoustic impedance, Z, defined 

as Z = Vs, where and Vs are the density and speed of sound of the materials 

respectively. When the shell is acoustically softer, i.e., with lower Z, the modified 

phonon spectra will lead to a strong phonon depletion effect, where almost all the 

phonon modes are squeezed due to the redistribution of the elastic deformations in the 

acoustically mismatched nanowire. Such an effect would have a dramatic influence on 

phonon transport (e.g., ) and phonon-carrier interactions (e.g., carrier mobility). Very 

recently, Hu et al.22, 24 and Chen et al.23 performed molecular dynamics (MD) 

simulations on of Si-Ge and Ge-Si core shell NWs, respectively. Their calculations 

show that the core-shell structure strongly suppressed  compared to uncoated Si or 



72 

 

 
 

Ge NWs. The reduced  is attributed to the depression and localization of long-

wavelength phonon modes at the Si-Ge interface and also of high frequency non-

propagating diffusive modes. In particular, detailed analysis and simulation by Chen et 

al.23 attributed the origin of the localized modes to a unique coherent resonant 

coupling between longitudinal modes and quantized transverse modes.  

Despite the tremendous theoretical effort, there is currently no experimental 

study on thermal transport in core shell NWs with small diameters that would possess 

strong confinement effects as proposed theoretically (e.g., d < 20 nm20). The low   

(0.5 – 1 W/m-K) obtained by Zhang et al.9 on composites of Bi-Te (or Bi-Bi2Te3) 

core-shell nanorods suggests promising applications for thermoelectrics. However, the 

non-uniform size and random arrangement of nanorods preclude a direct comparison 

with theoretical models on single NWs. Very recently,  Kang et al.26 measured  of 

single Bi-Te core-shell NWs with large diameters, and observed a significant 

reduction in  for NWs with rough core-shell interfaces, which agrees with the prior 

study on rough Si NWs15. However, the diameter of NWs (d >170 nm) is larger than 

the dominant phonon wavelength and mean free path in Bi and Te, therefore, phonon 

transport in these NWs probably falls in a regime different from the one concerned in 

this study.  

One of the technical challenges of measuring  in small diameter core shell 

NWs lies in the low thermal conductance (G) needed to be measured. Thermal 

conductivities of various NWs have been previously measured using suspended micro-

fabricated devices12, 13, 15, 27, 28. This method has a G sensitivity of approximately 1 
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nW/K 27, therefore it is only applicable for measuring large diameter NWs, or samples 

with high thermal conductivity (e.g., single wall carbon nanotubes 29). Previously, 

thermal conductivities have been measured for single Si NWs with diameters as small 

as 18-20 nm12. However, the wires have a relatively higher effective  (~10 W/m-K), 

therefore, their thermal conductance (G > 1 nW/K) is still within the measurement 

limit. Consider a hypothetical NW of 10-nm-diameter and 2-m long with  of 1 

W/m-K, the thermal conductance would be less than 0.1 nW/K, which is one order of 

magnitude lower than the measurement sensitivity of ~1 nW/K in the traditional 

direct-measurement schemes.  It becomes apparent that a more sensitive method is 

needed in order to measure small diameter core-shell NWs, which are expected to 

possess low .  More broadly, such a sensitive technique will also be valuable for 

probing low dimensional phonon transport physics, such as phonon confinement 

effects30, ultra-low  that approaches the amorphous limit14, thermal properties of 

single-wall carbon nanotubes31, polymer nanofibers32, and single strands of DNA33 

and could potentially provide experimental data which can be compared directly with 

atomistic scale simulations17, 34.  

Herein, we report the first experimental study on thermal conductivity of Ge 

and Ge-Si core-shell NWs with diameters less than 20 nm, by developing a novel 

setup with drastically improved sensitivity for single NW  measurement.  The Ge and 

Ge-Si NWs, synthesized by a vapor liquid solid (VLS) process8, 35, 36, are single 

crystalline with diameters ranging from 10-20 nm.  The improved measurement 

sensitivity is built upon a Wheatstone bridge circuit by employing an on-chip pair 

resistance for highly sensitive temperature and conductance measurements (with ~1 
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mK and ~10 pW/K sensitivities respectively). Contrary to the expectation that coating 

the Ge core with the higher Si shell would lead to an increase in the overall , the 

measurement results show that  of the of core-shell NWs are comparable to or even 

lower than that of the pure Ge NWs at higher temperatures. This surprising result, 

however, is in good qualitative agreement with the recent MD studies on thin core 

shell NWs22, 24, 37.  Comparing the experimental data with Boltzmann phonon transport 

models also elucidate the important role of phonon confinement on further reducing  

of the 15-20 nm diameter NWs in addition to the reduced MFP by phonon boundary 

scattering.  The low measured  of 1.5-2 W/m-K at 300-400 K also suggests that the 

core shell NWs are promising for thermoelectric applications31 

 

3.2 Nanowire fabrication 

Two types of NWs were investigated in this study: pristine Ge NWs and Ge-Si 

heterostructure core-shell NWs. Both NWs were synthesized by a chemical vapor 

deposition (CVD) method within the framework of VLS growth, as described in an 

earlier work by Lu et al. 35. Briefly, colloidal Au nanoparticles of ~2-5-nm diameter 

were deposited on Si substrates as the growth catalysts and placed in a tube furnace. 

For growing Ge NWs, 10% GeH4 in H2 [30 standard cm3 per min (sccm)] were 

introduced as the precursor gases at 300 torr and 280 oC for ~15 min. For core shell 

NW synthesis, the intrinsic Si shell was deposited within the same reactor immediately 

after Ge core growth at 450 oC for 5 minutes by using SiH4 (5 sccm) at 5 torr. Fig. 

3.1(A) shows the schematic illustration of the core-shell structure, while Fig. 3.1(B) 
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shows a representative SEM image of the side view of as-grown Ge-Si core-shell NWs. 

As shown in the figure, the NWs have lengths of 10-15 m.  Fig. 3.1 (C) and (D) show 

the representative high resolution TEM (HRTEM) images of the Ge and Ge-Si core-

shell NWs respectively. As shown in the figures and based on extensive TEM 

observations, the Ge NWs (or Ge cores) have diameters of 10-20 nm while the Si 

shells are typically 1-3 nm thick, and the Si-Ge interface is epitaxial with no 

dislocations. Both types of wires typically exhibit a layer of ~1 nm thick amorphous 

native oxide (either GeO2 or SiO2). 

 
 

 

Figure 3.1:  Ge and Ge-Si core-shell nanowires synthesized by the CVD method. (A) 

Schematic illustration of a Ge-core Si-shell NW. (B) A SEM image of the side view of 

Ge-Si core shell NWs grown on a Si substrate. (C) A high resolution TEM image of a 

single crystalline Ge NW. The NW growth direction is [110]. (D) A HRTEM image of 

a single crystalline Ge-Si core-shell NW. The Ge core axial direction is also [110] and 

the Si shell is epitaxially grown on Ge. The scale bars in B, C, and D are 10 µm, 2 nm 

and 2 nm, respectively.   
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The NWs synthesized with this manner are ideally suited for studying the 

effects of core-shell acoustic interfaces on low dimensional thermal transport. First, 

both the core and shell materials are high quality single crystalline, hence one can 

eliminate non-ideal effects such as grain boundaries and porosity. Second, the 

interface between the core and shell are epitaxial and free of voids or other impurities, 

since the Si shell was grown in the same vacuum reactor immediately after the Ge core 

synthesis. More importantly, by comparing the thermal properties of Ge wires with 

and without the Si shell, we can elucidate the effect of the core-shell interface. 

 

3.3 Nanowire thermal conductivity measurement 

In order to perform  measurement with ultra-high sensitivity, a new setup 

based on Wheatstone bridge circuit has been developed. The setup employs a similar 

micro-fabricated device used previously for single NW  measurements12, 13, 15, 27, but 

has been improved substantially in its measurement sensitivity.  As shown in Fig. 

3.2(A), the device consists of two suspended membranes, each integrated with a 

serpentine Pt coil, serving both as the heaters and resistive thermometers (Rh and Rs).  

A Ge or Ge-Si NW is placed between the two membranes [Fig. 3.2(B)] by wet 

transfer12. Temperature changes of each membrane (Th and Ts) are obtained from 

the measured Rh and Rs. To convert the resistances to temperatures, the temperature 

coefficient of the resistances (TCR) of the Pt coils needs to be accurately determined. 

We have measured R vs. T over a wide temperature range (60-382 K) and use the 

Bloch-Grüneisen relation to fit the data to obtain the TCR. With the measured 



77 

 

 
 

temperature changes of each membrane (Th and Ts), as well as the heat flux 

conducted along the NW (Qs), one can calculate the effective NW thermal 

conductance (G = Qs /(Th - Ts)) and GL/A, where L and A are the length and 

cross sectional area of the NW, respectively. In the previous temperature measurement 

configuration12, 13, 15, 27, both the heating and sensing resistances (Rh and Rs) were 

measured by a standard four-point probe I-V method with a small ac current (~0.5 A) 

and lock-in amplifiers13, 27. The method has a sensitivity of G of approximately 1 

nW/K13, 27.    

 

 

Figure 3.2:  Experimental setup of the Wheatstone bridge circuit for NW thermal 

measurement. (A) A SEM image of a micro-fabricated device used for single 

nanowire κ measurement. The device consists of two membranes bridged by a single 

NW. One of the membranes will be heated up (ΔTh), transferring a small amount of 

heat flux, Qs, through the NW, which in turn raises the temperature of the sensing 

membrane (ΔTs). Thermal conductance G is calculated as Qs/(Th-Ts). (B) A SEM 

image of a ~15 nm Ge NW on the suspended device. (C) The Wheatstone bridge setup 

for measuring the sensing resistance Rs.  
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The relationship between the temperature and thermal conductance sensitivity 

can be derived using a standard heat transfer analysis: 

min
min b

h s

T
G G

T T




 
        (3.1) 

To further reduce Gmin, the key is then to improve the thermometry sensitivity of the 

sensing membrane (allowing for smaller Tmin). The new setup employing the 

Wheatstone bridge for Rs measurement is shown schematically in Fig. 3.2(C). In this 

configuration, an additional on-chip pair resistor (Rs,p) located in close proximity to Rs 

is used, which has nominally the same resistance as Rs. Both Rs and Rs,p are located 

within the cryostat chamber, therefore any fluctuation in the cryostat ambient 

temperature can be cancelled out. The other two resistors in the bridge circuit include 

a high precision resistor (R0) and a potentiometer (Rp), which are both located outside 

of the cryostat chamber (~300 K). A radiation heat shield is used in order to minimize 

radiative heat transfer between the sample and environment38. The cryostat is 

evacuated to ~2-3×10-5 torr such that conduction and convection heat transfer are 

negligible. Before the measurement, the bridge is balanced (VD = 0) by adjusting Rp. 

When the heating membrane is heated (Th), the heat flux conducted along the NW will 

raise the temperature of the sensing membrane (Ts), thereby increasing Rs and leading 

to a change in VD that is measured by a lock-in amplifier (Stanford Research 830). The 

resistance of the sensing coil, Rs, is related to the measured VD by the following 

equation, 

1

0 0

0 ,

pD
s

p s p

RV
R R R

V R R



 
     

       (3.2) 
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where V0 is the fixed source voltage of the bridge circuit.  

Figure 3.3(A) shows the measured Th and Ts using the new bridge setup. The 

figure shows that the setup is able to measure Ts with a sensitivity of ~1 mK, which 

indicates a measurement sensitivity of the conductance (Gmin) of about 10 pW/K 

according to Eq. 3.1. The sensitivity achieved by the bridge setup is about two orders 

of magnitude lower than that of the four-point probe method using similar suspended 

micro-devices12, 13, 27.  

Fig. 3.3(B) shows the measured G of a ~20-nm diameter Ge-Si NW.  Thermal 

conductance of the NW (GNW) was obtained as the difference between the 

conductance of the NW device (GNW+B) and the background conductance (GB) of the 

same device after the NW was cut using a focused ion beam (FIB).  Note that the 

thermal contact resistance between the small diameter NWs and the substrate is 

negligible because of the extremely large conduction thermal resistance of NWs (see 

the Supporting Information), so the measured GNW can be interpreted as the intrinsic 

thermal conductance of the NWs. The insets in Fig. 3.3(B) show the SEM images of 

the same device, before and after the NW was cut, respectively. Note that the 

background conductance GB is not negligible compared to that of GNW, and needs to 

be carefully measured for NWs with conductance less than 1 nW/K. This background 

conductance is likely due to near field thermal radiation energy exchange between the 

two membranes whose gaps (~2-5 m) are comparable to the dominant photon 

wavelength (~10 m at 300 K) as well as conduction by residual gas molecules. We 

also noticed that GB varies quite significantly among devices, ranging from 0.15 to 0.4 

nW/K, presumably due to the variations in the distance and view factor between the 
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two membranes of each device. Therefore, it is necessary to measure the background 

conductance of each individual sample to extract the intrinsic NW conductance.  

 

 

Figure 3.3: (A) Measured temperature rise on the heating and sensing sides as a 

function of the heating power. The bridge method has a Ts sensitivity of ~1 mK, 

leading to a G sensitivity of ~10 pW/K (Eq. 3.2).  (B) G of the device with a ~19 nm 

diameter Ge-Si NW (GNW+B, blue circles) and without the NW (GB, black triangles) 

to extract the intrinsic G of the NW (GNW, red square). The insets in (B) show the 

SEM images of the same device with and without the NW respectively.  
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3.4 Thermal conductivity of Ge nanowires  

We have measured NWs of pristine Ge and Ge-Si core-shell structures with 

outer diameters between 15-20 nm, within the temperature range of 108 to 388 K 

(178-382 K for Ge NW #2), as shown in Fig. 3.4. To elucidate the size effect and to 

ensure that the thermal contact resistance between the NWs and the devices is 

negligibly small we have also measured of large diameter Ge NWs (d ~ 60 - 120 

nm), and the data of a representative NW (d ~ 62±2 nm, L~ 10 m) is shown in Fig. 

3.5(A). The diameter of each sample was measured by a combination of SEM and 

AFM and typically has an uncertainty of 1-2 nm. The range of the diameters for each 

NW sample is also shown in the legend of Fig. 3.4. This uncertainty in diameter 

causes a fairy large uncertainty in thermal conductivity because of the small NW 

diameters. The error bars shown in the figure are a combination of the uncertainty due 

to the diameter determination and the standard deviations of multiple measured data 

points at a given temperature (typically 3-5 points), but the latter typically leads to less 

than 5% uncertainly because of the highly sensitive bridge circuit employed in these 

measurements.  Only the representative error bars at 382 or 388 K, 300 K and 108 K 

respectively (178 K for Ge NW #2) are shown for better clarity of the figure, however 

the uncertainties in  are similar at other temperatures. As shown in Fig. 3.4, at 300 K, 

 for the 15-nm and 19-nm Ge NWs are (1.54+0.59/-0.30) W/m-K and (2.26+0.60/-

0.39) W/m-K respectively, which are significantly lower than that of bulk Ge (~58 

W/m-K at 300 K). The measured are also lower than those of Si NWs with similar 

diameters ( ~ 7-10 W/m-K for 18-22 nm Si NWs12, 13), which is a result of the larger 
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atomic mass and lower speed of sound of Ge. Within the entire temperature range of 

108–382 K,  of the Ge NWs increase monotonically with temperature, and are about 

2.8+1.0/-0.6 W/m-K at 382 K. This significant reduction in , along with the absence 

of the Umklapp peak in , suggests that phonon boundary scattering dominates over 

other scattering mechanisms in the entire measured temperature range. This is in 

qualitative agreement with prior theoretical studies39, 40 on smooth Ge NWs with larger 

diameters (d > 32 nm). However, given the small diameter (15 and 19 nm) of the NWs 

studied here, it is necessary to take the phonon confinement effect into account in 

order to understand the experimental data.  
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Figure 3.4: Measured thermal conductivity of pristine Ge NWs (green and blue 

triangles) and Ge-Si core-shell NWs (red and black circles) with diameters ranging 

from 15-20 nm. The error bars shown are representative errors at 388 or 383 K, 300 K 

and 108 K respectively (178 K for Ge NW #2). The primary error source comes from 

the uncertainty in the diameter determination, as the NWs are very thin and are not 

perfectly uniform.  At 300 K, κ for the 15-nm and 19-nm Ge NWs are (1.54+0.59/-

0.30) W/m-K and (2.26+0.60/-0.39) W/m-K respectively, while κ of the core shell 

NWs are in the range of 1.1-2.6 W/m-K and show little temperature dependence 

within the entire measured temperature range. κ of both Ge and Ge-Si core shell NWs 

is significantly lower than that of bulk SiGe alloy as well as smooth Si NWs with 

similar diameters.12, 13  

 

 

3.5 Thermal conductivity modeling of Ge nanowires 

To elucidate the effects of the spatial confinement20 in Ge NWs, we have 

calculated the phonon dispersions and thermal conductivity of Ge NWs. With the NW 

phonon dispersions, we can calculate phonon group velocities for each mode at a 

specific frequency (𝑣𝑛(𝜔) =
𝑑𝜔

𝑑𝑘
) where n is the index for phonon modes (The cutoff 

n is 800 in our calculation), by numerically differentiating the dispersion relations. 

Subsequently, thermal conductivity of the NWs is modeled using the Boltzmann 
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transport equations (BTE). The detail of the BTE modeling is only briefly described 

here.  We followed the procedure used by Lu et al.41 to derive the Boltzmann phonon 

transport  along the axial direction of NWs. Based on this derivation, the effective 

phonon density of states and phonon group velocities can be defined for nanowire 

structures to calculate the NW: 

𝜅NW = ∑
1

3
(

𝑘𝐵

ℏ
) 𝑘𝐵𝑇 ∫

𝑢2𝑒𝑢

(𝑒𝑢−1)2 𝜏𝑛(𝑢)𝑣𝑛(𝑢)2𝐷𝑛(𝑢)𝑑𝑢
ℏ𝜔𝑛,𝑚𝑎𝑥 /𝑘𝐵

ℏ𝜔𝑛,𝑚𝑖𝑛 /𝑘𝐵
𝑛     (3.3) 

where 𝜔𝑛,𝑚𝑖𝑛  and 𝜔𝑛,𝑚𝑖𝑛 are the maximum and minimum phonon frequencies for 

mode n, respectively, 𝑘𝐵and ℏ are the Boltzmann constant and reduced Plank constant 

respectively, T is the temperature,  𝐷𝑛 is the phonon density of states calculated for 

mode n,  𝜏𝑛   is the effective relaxation time for mode n.  In our calculation, we 

modeled 𝜏𝑛 using the Matthiessen rule: 𝜏𝑛
−1 = 𝜏𝑖

−1 + 𝜏𝑏
−1 + 𝜏𝑈

−1 + 𝜏𝑁
−1 with each term 

representing the scattering mechanism of phonons due to impurities, boundary, 

Umklapp and Normal processes respectively. In our model, we used the same 

parameters of bulk Ge to determine 𝜏𝑖
−1, 𝜏𝑈

−1 𝑎𝑛𝑑 𝜏𝑁
−1   without further adjustment. 

The only scattering term that is modified in the NW models is that of the boundary 

scattering, 𝜏𝑏
−1 =  𝑣𝑛(𝜔)/𝑑,  where d is the diameter of NWs. This represents the 

diffusive boundary scattering. 

 Fig. 3.5(A) shows the modeled thermal conductivity of Ge NWs.  We first 

compare the modeling results to the experimental data of the thicker Ge NW (d ~ 62±2 

nm). The model uses bulk phonon dispersions of Ge, as well as bulk phonon group 

velocities and Debye density of states. As can be seen from the figure, the calculated  

matches well with the experimental data for the 62±2 nm diameter NW, especially in 
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the temperature range of 108-300K. At higher temperatures, the model underestimates 

the  by up to 15%. This discrepancy is possibly caused by a slightly different 

Umklapp scattering term for NWs compared to bulk.  To minimize the number of 

fitting parameters used in the present model, we did not intend to modify the 𝜏𝑈
−1 term 

for better fitting with the data.  

Interestingly, if we also use the same bulk phonon dispersions to model  of 15 

nm diameter Ge NWs, the calculated  (dark dash line in Fig. 3.5A) is significantly 

higher than the experimental data (by more than 100% below 250 K). For example, at 

179 K, the measured are 1.27+0.50/-0.24 W/m-K and 1.22+0.32/-0.20 W/m-K for 

Ge NW #1 and #2 respectively, whereas the calculated is 4.24 W/m-K. The 

disagreement for Ge NW #1 is even greater at 108 K. We showed that this large 

discrepancy is likely due to modified phonon dispersions in NWs caused by the 

confinement effect. As shown in Fig. 3.5(A), the modeling results using NW 

dispersions (pink dash-dot line) show good agreement with the data.  The improved 

agreement is impressive given the fact that no any additional fitting parameters are 

introduced in the NW models. This result indicates that the modified phonon spectrum 

due to phonon confinement further reduces  of 15-20 nm Ge NWs by a factor of 2-3 

compared to the prediction that only considers the diffusive boundary scattering. This 

effect is especially important in the lower temperature range (100-250 K). It is also 

interesting to note that at higher temperatures (300-382 K), the experimental data lie 

between the two model curves using bulk and NW dispersions, respectively. This may 

indicate that the confinement effect is less pronounced at higher temperature, or it is 
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also possible that the model using NW dispersions is not accurately capturing the 

Umklapp scattering mechanism that is responsible for a decreasing  at high 

temperature, similar to the case for the 62 nm Ge NW. 

 

 

Figure 3.5: Comparisons between modeling and experimental results. (A) The 

calculated κ of the 62-nm Ge NW using bulk dispersions (black solid line) agree well 

with the experimental data (circles), whereas the calculated κ of the 15-nm Ge NW 

using bulk dispersions (black dashed line) is significantly higher than the experimental 

data (triangles), by more than 100% below 250 K. Modeling results using NW 

dispersions (pink dash-dot line) show good agreement with the data. This suggests the 

important role of phonon confinement in small diameter NWs. (B) Calculated group 

velocities of 15 nm Ge NWs (red) and a 19 nm Ge-Si core shell NWs (15 nm Ge core 

+ 2 nm thick Si shell, blue) are significantly lower than that of bulk Ge (black). 
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To further elucidate the effect of phonon confinement, we also calculated the 

mode averaged phonon group velocities, 𝑉𝑔,𝑎𝑣𝑔(𝜔), by averaging the group velocities 

of all the computed phonon modes (~800 modes in our model) at a given frequency. 

As shown in Fig. 3.5(B), the 15-nm Ge NWs have significantly lower group velocities 

compare to bulk Ge, which is caused by the phonon confinement effect in small 

diameter NWs (d < 20 nm).  The significantly lower group velocity is the primary 

reason for the lower  in thin NWs compared to the diffusive scattering limited  (Fig. 

3.5A).  Similar effects have also been observed in theoretical work by Zou et al. 20 on 

20-nm diameter Si NWs.    

 

3.6 Thermal conductivity of Ge-Si core-shell nanowires 

Now we turn our discussion to Ge-Si core shell heterostructure NWs to 

understand the effect of the epitaxial interface between Ge-Si on phonon transport. 

The measured  of the core-shell NWs are also shown in Fig. 3.4 along with the data 

for the Ge NWs: within the entire measured temperature range,  of the core shell 

NWs are in the range of 1.1-2.6 W/m-K and show little temperature dependence.  It is 

worth mentioning that  of the core-shell NWs is much lower than that of bulk SiGe 

alloy (~4.5 W/m-K for Si63.5Ge36.5 at 300 K42) and larger diameter SiGe alloy NWs43. 

When compared to the Ge NWs of the core-shell NWs is higher at lower 

temperature (below 250 K), but lower at room temperature and above. In particular, at 

382 K,  of the core shell NWs is 1.1-2.5 W/m-K, significantly lower than  of Ge 

NWs (2.3-3.9 W/m-K). This trend can also be understood by looking at phonon 
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spectrum in the confinement regime. As shown in Fig. 3.5(B), the differences in 

phonon group velocities of Ge and Ge-Si core-shell NWs indicate that the ~2 nm Si 

shell influences the phonon spectra.  Ge-Si core-shell NWs have higher group 

velocities compare to pristine Ge NWs for a wide range of frequencies, because Si has 

a higher speed of sound than Ge. The higher 𝑉𝑔,𝑎𝑣𝑔 can explain the higher  in Ge-Si 

core-shell NWs compared to that in Ge NWs below 250 K (Fig. 3.4 and 3.5(A)). 

However, at high temperatures (T > 300 K), the thermal conductivity data show the 

opposite trend. This could be caused by a stronger scattering of phonons at the core-

shell interface at higher temperatures where the dominant phonons have shorter 

wavelength. It is also possible that other intriguing effects may play a role in the 

suppressed  in the core-shell NWs, such as the presence of non-propagating modes at 

the disordered surface17 or localized low frequency modes at the core-shell interface37. 

A MD study by Hu et al22 on Si-Ge core shell NWs with diameters up to 7.7 nm 

shows that heterostructure NWs exhibit up to 75% lower  compared to Si wires at 

300 K. Chen et al.37 also observed a significant  reduction in Ge core- Si shell 

structures compared to pristine Ge NWs. In both cases, the  reduction was attributed 

to strong localization of low frequency vibrations as well as the suppression of high 

frequency modes for atoms located in proximity to the Si-Ge interface. This effect 

originates from the lattice mismatch and dissimilar atomic masses of Si and Ge, which 

causes a nontrivial phonon coherent resonance effect37. As our measured NWs have 

larger diameters and consequently a smaller percentage of atoms located proximal to 

the interface, the measured  suppression is not as pronounced as in the thinner wires 
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studied in the MD simulations.  Future experimental study with 5-10 nm diameter 

NWs could provide invaluable data to observe these intriguing coherent phonon 

effects, which is currently under investigation by us using the sensitive measurement 

technique developed here.  

 

3.7 Conclusion 

In summary, we have conducted a comparative experimental study on the 

thermal conductivity of Ge and Ge-Si core-shell NWs with diameters in the range of 

15-20 nm.  In order to measure thin NWs with low thermal conductivity, we have 

developed a highly sensitive measurement technique based on the Wheatstone bridge 

circuit that is able to resolve thermal conductance as low as ~10 pW/K.  The measured 

of both the Ge and Ge-Si NWs is significantly lower than that of bulk Ge and SiGe 

alloy as well as Si NWs with comparable diameters, indicating the effects of strong 

phonon boundary scattering as well as the larger atomic mass of Ge. Boltzmann 

transport modeling also elucidates the important role of phonon confinement on 

further reducing  of 15-20 nm diameter NWs in addition to the reduced MFP by 

diffusive phonon boundary scattering. Comparing  of the Ge-Si core-shell NWs and 

Ge NWs suggests that the acoustic interfacial mismatch between the Ge-core and Si-

shell suppresses phonon transport above room temperature, but facilitate heat 

conduction at lower temperatures. The measured  of the Ge-Si core shell NWs are in 

the range of 1.1-2.6 W/m-K at 108-388 K, which is even lower than that of large 

diameter SiGe alloy NWs in the same temperature range43. The low  along with the 
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high hole mobility8, suggests that the Ge-Si core-shell NWs are a promising new class 

of materials for nanostructured thermoelectrics.  
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Chapter 4: Sub-amorphous thermal conductivity in ultra-thin 

crystalline Silicon nanotubes 

 

4.1 Introduction 

Understanding and controlling extraordinary thermal transport behavior in 

nanostructures has been widely pursued1-5 because of its broad implications for a 

diverse range of applications, such as nanoscale transistors6, phase change memory7, 

and advanced thermoelectrics8, 9. In particular, nano-structuring has proven to be an 

effective approach to reduce the thermal conductivity9-12 of crystalline semiconductors. 

This approach shortens the phonon MFP, which is limited by the characteristic size of 

crystalline nanostructures due to scattering at surfaces and interfaces. Crystalline 

thermal conductivity has been measured for nanowires as thin as ~15-20 nm10, 13 and 

~10-100 nm thick films12, 14. However, it is believed that the lower limit of the thermal 

conductivity of a material is that of its amorphous form15, thereby setting the 

minimum one could achieve through nano-structuring. Here we experimentally probed 

thermal transport in Si NT structures at unprecedentedly small length scales of ~5 nm. 

We showed that the thermal conductivity of the c-Si NTs at this scale is even lower 

than that of a-Si NTs of similar geometries. These striking results were further 

supported by a drastic reduction in elastic moduli of the 5 nm c-Si NTs, measured as a 

6-fold reduction compared to bulk Si and nearly half that of the a-Si NTs compared to 

the a-Si NTs. A convincing explanation of this sub-amorphous thermal conductivity in 
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the 5 nm c-Si NTs is presented based on the phonon softening effect, due to the 

drastically reduced mechanical stiffness.  

Thermal characterization of nanostructures with an ultra-small size down to 5 

nm has not been realized in the past due to the experimental challenges in both sample 

manipulation and accurate thermal measurements. We employed crystalline NTs of 

sp3 Si with ultra-thin shells as a novel platform for probing thermal transport in this 

previously inaccessible regime. These NTs have thin crystalline shells ranging from 5 

to 10 nm and, at the same time, large outer diameters (ODs) greater than 40 nm, 

facilitating sample manipulation. The Si NTs were prepared from Ge-Si core-shell 

nanowires (NWs) synthesized using a chemical vapor deposition (CVD) process 16, 

during which crystalline and amorphous Si shells were grown on Ge cores at 520 and 

490 °C, respectively. The Ge core was then etched away using a H2O2 solution to 

obtain hollow Si NTs 17. Figure 4.1a and b show TEM characterization of ~5 nm shell 

crystalline and amorphous NTs, respectively, and Figure 4.1c shows a representative 

hollow NT at low magnification in TEM. The crystallinity of the c-Si NTs is clearly 

demonstrated in the TEM images and their associated electron diffraction patterns. 

Additionally, electrical conductivity17 and fracture strength (Figure 4.2) measurements 

indicate that, while the c-Si NTs are polycrystalline, they are of high growth quality 

with grain sizes larger than 300 nm, much larger than the NT shell thickness, similar 

to NTs in previous studies.18  
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Figure 4.1: TEM images of silicon NTs: Crystalline 5 nm Si shell thickness, a, and 

diffraction pattern (inset a) as well as amorphous 5 nm Si shell thickness, b, and 

diffraction pattern (inset b). c, Low-resolution TEM image of hollow NT. d, 

Suspended nanotube sample used in the thermal conductivity measurement setup. 

TEM was performed to characterize all samples prior to thermal and tensile 

measurements to ensure crystalline or amorphous structure as well as geometry. Scale 

bars are 5 nm, 5 nm, 50 nm, and 5 μm for a, b, c, and d, respectively. 
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Figure 4.2: Fracture strength of crystalline silicon nanowires and nanotubes versus 

nanowire diameter or nanotube shell thickness. Following tensile testing of crystalline 

nanowires and nanotubes, the samples were stretched until breaking. The cantilever 

deflection is continuously measured until the nanotube/nanowire fracture point. This 

deflection leads to the maximum applicable stress, or fracture strength. This fracture 

strength is an indication of the concentration of defects in the sample, with low 

fracture strength indicating a higher amount of defects. From the measured data, it can 

be seen that the thin ~5 nm crystalline nanotubes are relatively defect free. Values of 

fracture strength of silicon nanowires and silicon thin films were taken from Zhu et 

al.19 and Tsuchiya et al,20 respectively. 

 
 

 

4.2 Thermal conductivity of crystalline and amorphous Si 

nanotubes 

After examining individual NTs in TEM, we then transferred the same NTs to 

suspended micro-devices for thermal conductivity (𝜅) measurements (Figure 4.1d). 

The measurement was done in a differential bridge configuration we developed 21, 

which possesses a low noise floor of ~10 pW K-1 necessary for individual NT 𝜅 

measurements. We have also characterized and subtracted the parasitic background 
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conductance of all measured devices. Figure 4.3a shows the measured thermal 

conductivity of Si NTs with nominal crystalline shell thicknesses of ~5, 7, and 10 nm 

over a temperature range of 35-300 K. The combined structural characterization by 

high-resolution (HR) TEM carried out on each of the measured NTs allowed us to 

confirm crystallinity and precisely measure the dimensions of the samples, as shown 

in Appendix A. We used the full tubular thickness, as characterized by HRTEM for 

each measured NT (~5-10 nm c-Si or ~5 nm a-Si with ~1-1.5 nm inner/outer oxide 

coatings) to determine the thermal conductivity from the measured total thermal 

conductance. While we could have estimated the oxide contribution to thermal 

conductance and subtracted it from the total measured conductance, we elected instead 

to use the full NT thickness (including oxide) because there could be acoustic coupling 

at the interfaces between the oxide and Si. In addition, the thermal conductivity of the 

~1 nm thick SiO2 could deviate from the bulk value and is not known. We note that 

the native oxide thickness, which is formed during the H2O2 etching of the Ge cores, is 

usually ~1 nm, but sometimes as thick as 1.5 nm, and did not grow over the period of 

study. We did not see oxide layer thickness greater than 1.5 nm. This is consistent 

with previous Si NT growth studies.18 Measured dimensions and thermal conductivity 

for all NT samples are listed in Table 4.1. Multiple samples of each type, including 

seven 5 nm c-Si NTs, have been measured, all with high repeatability, underpinning 

the accuracy and reliability of the measurement technique. Furthermore, the measured 

thermal conductivity shows no length dependence for lengths ranging from 4 to 8 μm 

(see Figure 4.4), suggesting negligible thermal contact resistance. 
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Figure 4.3: Thermal conductivity of silicon NTs: a, ~5, 7, and 10 nm c-Si NTs versus 

temperature and b, ~5 nm amorphous and crystalline NTs versus temperature. The 

dependence of thermal conductivity on shell thickness at room temperature is clearly 

visible in a, with a gradual decrease in thermal conductivity with decreasing thickness 

of the crystalline shell layer. 
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Table 4.1: Geometry and thermal conductivity of measured Si nanotube samples. 

Sample 

ID 

Sample Type Shell 

Thickness 

(nm) 

Outer 

Diameter 

(nm) 

Sample 

Length 

(μm) 

𝜅 @ 300 K 

(W m-1 K-1) 

C5-1 Crystalline NT 5.6 138 7.66 1.18±0.08 

C5-2 Crystalline NT 5.1 48 5.75 1.11±0.10 

C5-3 Crystalline NT 5.7 101 4.76 1.21±0.09 

C5-4 Crystalline NT 5.7 143 4.78 1.19±0.08 

C5-5 Crystalline NT 5.3 111 4.20 1.21±0.09 

C5-6 Crystalline NT 5.6 91 4.21 1.15±0.08 

C5-7 Crystalline NT 5.6 108 3.72 1.21±0.08 

C7-1 Crystalline NT 7.4 113 10.25 1.36±0.10 

C7-2 Crystalline NT 7.2 100 5.16 1.36±0.09 

C10-1 Crystalline NT 11.4 109 10.60 1.65±0.11 

C10-2 Crystalline NT 11.0 89 10.02 1.66±0.11 

C10-3 Crystalline NT 9.6 84 7.42 1.68±0.13 

A5-1 Amorphous NT 5.6 81 10.50 1.78±0.13 

A5-2 Amorphous NT 5.1 88 5.67 1.52±0.11 

A5-3 Amorphous NT 5.2 46 6.23 1.60±0.12 
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Figure 4.4: Thermal conductivity of crystalline and amorphous nanotubes versus (a) 

outer diameter, (b) suspended sample length, and (c) shell thickness. There is no 

correlation between the measured nanotube thermal conductivity and the nanotube 

outer diameter for any of the crystalline or amorphous samples. This leaves the shell 

thickness as the sole dimension that strongly affects phonon scattering. Since thermal 

conductivity of the Si NTs is independent of the sample length, contact resistance 

between the nanotubes and the measurement devices is negligible. A clear size 

dependence on shell thickness can be seen in (c) for c-Si NTs from 5 to 10 nm. 
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As shown in Figure 4.3a, the average measured thermal conductivities were 

1.18±0.12, 1.36±0.10, and 1.66±0.13 W m-1 K-1 at 300 K for ~5, 7, and 10 nm shell c-

Si NTs, respectively. The measured 𝜅  of the ~5 nm c-Si NTs approaches the 

theoretical minimum thermal conductivity (𝜅𝑚𝑖𝑛) for amorphous silicon (1 W m-1 K-

1)15, which is extraordinary given that these are crystalline structures, whereas the 

𝜅𝑚𝑖𝑛 model is used to describe amorphous materials where phonon energy transport is 

limited to nearest atomic neighbors.15 Furthermore, we compared 𝜅 of 5 nm crystalline 

NTs to fully amorphous Si NTs with similar shell thickness (Figure 4.3b). Surprisingly, 

the measured 𝜅 of the crystalline samples is even lower than that of the a-Si NTs. The 

difference (~30%) is substantial and clearly exceeds the measurement uncertainty. 

Similar sub-amorphous behavior has been observed in layered WSe2 crystals22, which 

was largely due to the interfacial thermal resistance between stacked crystal layers, 

whereas the low 𝜅 observed in the c-Si NTs here corresponds to heat conduction along 

the axial direction without interfacial resistance. While the NTs contain a small 

concentration of Ge (less than ~1% atomic ratio, see Figure 4.5), in line with previous 

NT studies18, it would not affect thermal conductivity in the ~5 nm c-Si NTs. The 

small amount of Ge could only affect thermal conductivity in much larger 

nanostructures (>100 nm) because of the co-existence of impurity and boundary 

scattering.23, 24 However, for very small nanostructures, such as the NTs studied here, 

boundary scattering overwhelmingly dominates impurity and even Umklapp 

scattering.25 It has additionally been shown that thermal conductivity of a-Si is far 

below that of Si-Ge alloys with Ge concentrations ranging from 0.13% to 20%.26 

Therefore, impurity scattering introduced by the small amount of Ge would not be 
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strong enough to induce the sub-amorphous thermal conductivity in the ~5 nm c-Si 

NTs. 

 

 

Figure 4.5: TEM EDX on Si NTs. (a) Elemental concentrations in c-Si and a-Si NTs. 

The Si shell (~5 nm thick) and outer/inner oxide coatings (each ~1 nm thick) account 

for the majority of atomic constituents while Ge impurities in the NT account for less 

than 1%. The higher Ge impurity concentrations observed in the c-Si versus a-Si NTs 

is most likely caused by larger amounts of Ge diffusion during the growth at higher 

temperature (c-Si is grown at 520 °C while a-Si is grown at 490 °C). (b) EDX 

elemental mapping of c-Si NT in TEM. (c) Element counts from EDX mapping (b). 

The peaks for Cu and C come from the lacy C support structure on the Cu TEM grid. 

(d) Cross-sectional element mapping from yellow box in (b), starting from the inner 

tube surface (left) to outside the NT (right). The Si shell (blue curve) has inner and 

outer oxide coatings (orange peaks), while the majority of Ge impurities (green curve) 

are close to or within the inner oxide surface. The vertical scale is a.u. and the Ge 

curve was scaled vertically to emphasize the spatial distribution. 
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To develop an understanding of the extraordinarily low thermal conductivity in 

the crystalline Si NTs, it is necessary to first discuss the phonon transport mechanisms 

that occur in their amorphous counterparts. In amorphous Si, 𝜅 can be modeled as the 

sum of the contributions from two distinct vibrational modes, propagons and 

diffusons27. Propagons, as their name suggests, are propagating and delocalized modes, 

and in the case of a-Si, could possess a broad MFP possibly ranging from ~10 to ~40 

or even 100s of nm.1, 28, 29 Diffusons, on the other hand, are non-propagating and 

delocalized modes, whose MFP is rather short (~0.5-10s of nm), albeit not well-

defined, and contribute to thermal conductivity by coupling with other modes through 

atomic disorder.28, 29 The diffuson contribution can be modeled using the Allen-

Feldman theory27 and is estimated to be ~1 W m-1 K-1 for a-Si, whereas the propagon 

contribution has been shown to exhibit a strong size dependence.28 Therefore, our 

measurement results (Figure 4.3b) suggest that the propagon contribution is about ~0.5 

W m-1 K-1 for our 5 nm thick a-Si, indicating the important size effect for propagons 

even down to the 5 nm regime in the >5 μm long NTs, which has not previously been 

probed experimentally. Our results on a-Si NTs are also qualitatively in line with 

previous thermal conductivity measurements on thin films of a-Si, which show values 

ranging from 1.1-4.0 W/m-K over film thicknesses ranging from ~50 nm to tens of 

microns. The wide variation is presumably caused by the dependence of the thermal 

conductivity on a combination of factors including film fabrication method, film 

thickness, growth temperature, and purity.30, 31 The thermal conductivity of the 

thinnest a-Si film at ~50 nm32 was found to be 1.4 W m-1 K-1 while ion-amorphized 

~17 nm thick films33 were 1.7 W m-1 K-1. The thermal conductivity values measured 
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for a-Si NTs in this work are very similar to values measured for thin high-purity and 

fully-dense a-Si films. 

The MFP alone, however, cannot explain the sub-amorphous values of thermal 

conductivity in 5 nm c-Si NTs, as one would expect that phonons in the crystalline 

NTs would have MFP longer than that of propagons in disordered a-Si NTs with 

similar geometries. In addition to MFP, the thermal conductivity can also be 

influenced by the phonon group velocity (𝑣𝑔), which is characterized by the speed of 

sound in the low frequency limit, which has been proposed theoretically to decrease 

due to phonon confinement in NWs with diameter less than 20 nm.34 The phonon 

specific heat could also increase due to excitation of low frequency phonon modes, 

leading to enhancement of the thermal conducitvity. However, these modes are only 

excited at very low temperatures. Consequently, specific heat  is expected to be bulk-

like even for 5 nm structures over the measured temperature range (35-300 K).35-37 We 

hypothesize that phonon modes could have been altered in the ultra-thin c-Si NTs, 

leading to a lower speed of sound and, consequently, contributing to the sub-

amorphous thermal conductivity.  

 

4.3 Mechanical testing of crystalline and amorphous Si 

nanotubes 

To experimentally verify this hypothesis, we indirectly measured the speed of 

sound (𝑣) in single Si NTs through tensile Young’s modulus (𝐸) tests (Figure 4.6a), as 

𝑣 is related to √𝐸 𝜌⁄ , where 𝜌 is the mass density. Figure 4.6b shows the measured 
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Young’s moduli of a-Si and c-Si NTs, as well as literature data on Si NWs with larger 

diameters (15-60 nm)19, bulk c-Si19, and a-Si thin films38. Two c-Si NWs with 

diameters of 54 and 53 nm were used to calibrate the measurement and exhibited bulk-

like elasticity, consistent with prior measurements on large-diameter Si NWs.19 The 

averaged 𝐸 of the three 5 nm crystalline NTs is 30.1±2.7 GPa, or about six times lower 

than bulk Si. This drastically reduced 𝐸 is consistent with previous studies on small 

diameter c-Si nanostructures including sub-25 nm NWs19 and ~6 nm nano-junctions39, 

as well as the observed reduction of 𝑣𝑔 in InSb NWs40. Comparatively, three ~5 nm 

shell a-Si NTs were found to have an average modulus of 62.7±6.5 GPa, within the 

range of measured elastic moduli of a-Si thin films38 and nearly twice that of the 

crystalline NTs of the same size. This elastic softening in c-Si NTs stems from the 

growing importance of surface effects at reduced dimensions. Surface atoms have 

lower coordination numbers and electron densities than bulk atoms, requiring changes 

in bond spacing which leads to strain and surface stresses41, 42. Meanwhile, simulations 

have shown that Si surface stresses are compressive in nature and require atomic 

reorganization and bond lengthening to reach an equilibrium state43, 44, leading to 

elastic softening. Furthermore, other surface and interfacial effects may also play a 

role, such as the presence of native oxide layers.41, 45 
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Figure 4.6: Elastic tensile tests: a, Elastic modulus tensile measurement using 

manipulator probe to pull NW attached to the end of an AFM cantilever. b, Elastic 

moduli of silicon NTs and NWs. ~5 nm amorphous NTs exhibit ~2× stiffer moduli 

than ~5 nm crystalline NTs. Values of elastic moduli of silicon NWs were taken from 

Zhu et al.19 and expected ranges for bulk c-Si19 and a-Si thin films38 are shown. 

 

 

The close correlation between thermal conductivity and elastic properties in Si 

NTs and NWs is clearly illustrated in Figure 4.7, which shows the 𝜅∗/𝐷∗ ratio (left 

axis) and √𝐸∗ (right axis), where 𝜅∗, 𝐷∗, and 𝐸∗ are 𝜅, 𝐷, and 𝐸 normalized with their 

respective values from ~60 nm Si NWs (all values taken at 300 K), as a function of 𝐷, 

the shell thickness for NTs or the diameter for NWs, whichever applicable. In the 

boundary scattering regime, the 𝜅/𝐷 ratio scales with the phonon velocity (𝜅/𝐷~𝐶𝑣, 

where 𝐶  is the phonon heat capacity), while √𝐸 is also a measure of the speed of 

sound (𝑣 = √𝐸 𝜌⁄ ). Figure 4.7 shows that there is an excellent match between the size 

effects on thermal and elastic properties within the size range considered here (5-70 

nm). Above 25 nm, diffusive scattering at the NW surface dominates and 𝜅∗/𝐷∗ and 

√𝐸∗ are the same among NWs with different sizes, suggesting no change in 𝑣. This is 
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also known as the boundary scattering or Casimir limit10. However, below 25 nm, 

𝜅∗/𝐷∗ markedly drops below unity, by as much as 50% in the 5 nm c-Si NTs. The 

reduction in 𝜅∗/𝐷∗  coincides exactly with the decline in √𝐸∗ . Additionally, the 

previously measured 22 nm c-Si NW10, for which a theoretical explanation of the low 

𝜅  has been elusive, matches very well with the observed trend of √𝐸∗ . The close 

correlation between elastic and thermal properties suggests that the observed ultra-low 

thermal conductivity in the 5 nm c-Si NTs is caused by elastic softening arising at 

these reduced dimensions. It is important to note that, since the NTs are softer 

compared to bulk Si, the actual theoretical 𝜅𝑚𝑖𝑛 will be lower, by as much as ~50% 

(or ~0.5 W m-1 K-1) in our 5 nm c-Si NTs, due to its dependence on the speed of 

sound.15 Therefore, the measured 𝜅 of 1.18 W m-1 K-1 is still substantially larger than 

what the theoretical 𝜅𝑚𝑖𝑛 could be for such a soft material. Furthermore, even though 

the ~5 nm NTs are very small, approaching the phonon wavelength (<6 nm at 300 K 

in bulk Si),46 the transport is still largely three-dimensional, which warrants the 

applicability of the same ‘κ ~ Cvl’ formula for all the NW and NT samples shown in 

Fig. 4.7. One-dimensional (1-D) behavior is predicted to occur only at low-

temperature (<30 K) in structures approaching sizes comparable to half the dominant 

thermal wavelength.35, 47   
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Figure 4.7: Correlation between thermal conductivity (𝜅) and elastic modulus (𝐸) in 

crystalline NTs and NWs. 𝜅, 𝐷 , and 𝐸  have been normalized with their respective 

values for ~60 nm Si NWs and plotted as a function of 𝐷 , where 𝐷  is the shell 

thickness for NTs or the diameter for NWs, whichever applicable. Normalized 

variables are labeled as 𝜅∗, 𝐷∗, and 𝐸∗, respectively, while the dashed line represents 

the maximum of both 𝜅/𝐷 and √𝐸. Above 25 nm, the nanostructure dimensions are 

smaller than the phonon MFPs, which limits the thermal conductivity due to diffuse 

phonon-boundary scattering. Below 25 nm, elastic softening in the nanostructure alters 

the phonon dispersion and causes a rapid decrease in thermal conductivity beyond the 

expected influence of boundary scattering. The 𝜅/𝐷 and √𝐸 for ~5 nm thick c-Si NTs 

and c-Si NWs are from thermal and elastic measurements shown in Figures 4.3b and 

4.6b, respectively, as well as literature values from Li et al.10  

 

 

4.4 Molecular dynamics simulation of thermal and mechanical 

properties 

In order to theoretically underpin and quantify the mechanisms leading to the 

measured ultra-low thermal conductivity of c-Si NTs, we performed equilibrium 

molecular dynamics (EMD) simulations of phonon transport in such structures. Figure 
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4.8a shows the calculated 𝜅 and 𝐸 of an as-quenched c-Si NT. For all cases in Figure 

4.8a, the inner diameter is 20 nm and the thickness of the amorphous layer on the 

inner and outer surfaces is 2 nm. The total thickness of the shell is varied from 5 to 10 

nm, which is comparable to the experimental measurements. It is clear that, both the 

thermal conductivity and Young’s modulus decrease with decreasing shell thickness, 

confirming the relationship between the thermal conductivity reduction and the 

softening of the elastic modulus, as revealed by the experiments (Figures 4.6 and 4.7). 

In order to imitate realistic experimental conditions, where roughness at the 

crystalline/amorphous interface is inevitable, for the case of inner diameter of 20 nm 

and total thickness of 5 nm, we also considered the presence of such roughness by 

randomly removing up to 80% of the interface atoms on the crystalline sides and 

investigated its effects on 𝜅  and 𝐸 . A total thickness of 5 nm, as opposed to the 

smallest total shell thickness measured experimentally (~7 nm, i.e., ~5 nm Si with ~1 

nm oxide on each side), was used due to computational limitations. Nevertheless, it is 

clearly shown in Fig. 4.8(b) that, upon interface roughening, both 𝜅 and 𝐸 are reduced 

compared to the as-quenched interface, which again demonstrates the close correlation 

between 𝜅 and 𝐸, as we observed experimentally. Furthermore, the vibrational density 

of states (VDOS) of the amorphous layer in the high frequency regime is significantly 

reduced compared to the crystalline layer and the entire VDOS shifts toward low 

frequencies (Figure 4.9). This results in a large vibrational mismatch between the 

crystalline and amorphous layers thereby causing strong phonon scattering at the 

crystalline/amorphous interface, which leads to the ultra-low thermal conductivity in 

amorphous coated c-Si NTs. We would like to note that it is more informative to view 
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the MD simulations as a tool to illustrate possible mechanisms giving rise to the 

experimental observations, which, in this case, is the close correlation between 

thermal conductivity and elastic properties. It is difficult to quantitatively compare the 

MD and experimental results due to the various inherent differences, including but not 

limited to interatomic potential, surface roughness, native oxide, and defects. 

 

 

Figure 4.8: (a) EMD simulation of thermal conductivity and elastic modulus with 

different NT thickness. The interface between amorphous layer and crystalline part is 

the as-grown condition, which is quenched from the high temperature liquid phase of 

the amorphous region. (b) EMD simulation of thermal conductivity and elastic 

modulus reduction with c-Si NT interface roughness. Interface roughness is achieved 

through random removal of atoms on the crystalline face of the crystalline shell-

amorphous coating interface. The insets show two typical atomic structures of the Si 

NTs with different interface roughness. Color coding: yellow: c-Si; blue: amorphous 

layer. 
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Figure 4.9: Comparison of vibrational density of states from EMD simulation in 

crystalline and amorphous layers in a thin Si nanotube with inner diameter of 20 nm 

and total thickness of 5 nm including 2 nm amorphous layer on inner and outer 

surfaces. The VDOS of a pure amorphous Si nanotube is also shown for comparison. 

The VDOS is calculated by a Fourier transform of the atomic velocity autocorrelation 

function. 

 

 

4.5 Estimation of Thermal Contact Resistance 

To estimate the thermal contact resistance between the Si NTs and the 

suspended devices, we can use studies on similar systems, such as for Si NWs and 

multi-walled carbon nanotubes (MWCNTs). Length dependent measurements (2-10 

μm) on VLS synthesized c-Si NWs with diameters ranging from 70-130 nm exhibited 

an average contact resistance for all samples of ~4.5×106 K W-1.48 These NWs were 

Pt-C bonded onto suspended membranes similar to those used in this study, with NWs 
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in contact with Pt electrodes and Pt-C bonding over ~1 μm long sections. Because of 

the similar OD and Pt-C contact bonding of the present Si NT samples, we can assume 

that the contact thermal resistance of our NT samples is of the same order of 

magnitude (1-10×106 K W-1), which is two to three orders of magnitude lower than the 

total measured thermal resistance of the NT samples (<1 nW K-1). Therefore, we can 

conclude that the thermal contact resistance is negligible in the present Si NT samples. 

This is in agreement with the length dependent measurements seen in Fig. 4.4(b). 

Another way to look at the relative role of the contact resistance is by 

examining the areal interfacial thermal resistance, which is typically on the order of 

2×10-8 m2 K W-1 or lower for common materials. For instance, Li and coworkers 

studied MWCNTs with outer diameter (OD) of 10 and 66 nm in contact with 2 μm 

wide Pt electrodes measured both with and without electron-deposited Au bonding.49 

The 66 nm OD MWCNT had a calculated contact width of ~4 nm and an areal contact 

resistance of 2.2×10-8 m2 K W-1. If we consider a 1 μm contact length for our Si NTs 

with similar values for contact width and areal contact resistance as the 66 nm 

MWCNT, then we have a contact resistance of ~5.5×106 K W-1, which is similar to 

that observed for the Si NWs previously mentioned. 

 

4.6 Further Equilibrium Molecular Dynamics (EMD) Simulation 

Details 

The employed molecular model system consists of a hollow c-Si NT with a-Si 

layers on both inner and outer shell surfaces. In order to directly compare simulations 
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to experimental samples, the ID is chosen to be 20 nm and total thickness is about 5 

nm. For all cases the thickness of the a-Si layer on both surfaces is about 2 nm. All 

molecular dynamics calculations were performed using the LAMMPS package,50 and 

the original Stillinger-Weber (SW) potential51 was used to describe Si-Si interactions. 

A time-step of 0.25 fs was used throughout all simulations. The initial structure was 

cut from a perfect crystalline structure of bulk Si and the longitudinal direction of the 

NT was extended in the [110] direction. Next, the outer and inner surfaces with 

thickness pre-specified as 2 nm were heated to 5000 K and maintained at this 

temperature for 10 ps such that atoms in both regions melted. Subsequently, the 

regions were rapidly quenched down to 300 K in 0.5 ps such that the amorphous 

structure was formed. We then continued to relax the entire NT with an NPT (constant 

particles, pressure, and temperature) ensemble for 100 ps. After relaxation, the thermal 

conductivity of the Si NTs was computed with an NVE (constant particles and volume 

without thermostat) ensemble by integrating the heat flux autocorrelation function (the 

Green-Kubo method) 

𝜅 =
1

𝑉𝑘𝐵𝑇2 ∫ 〈𝑄𝑧(𝑡)𝑄𝑧(𝑡 + 𝑡′)〉𝑑𝑡′
𝜏𝑚

0
,      (4.1) 

where V is the volume of the NT which is considered a hollow cylinder, 𝑘𝐵  is 

Boltzmann’s constant, 𝑇 is the absolute temperature, 𝑄𝑧 is the heat current along the 

longitudinal direction (z) of the NT, 𝜏𝑚 is the autocorrelation length, and the angular 

brackets denote an average over time. In our EMD simulation, 𝜏𝑚 is chosen to be 50 

ps and the total simulation time for a single run lasts over 2.5 ns. The final thermal 
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conductivity results reported here were averaged over at least 5 independent runs by 

assigning different initial velocities in the NVE stage. 

It is known that convergence can be a problem while running EMD 

simulations. To this end, we checked the length dependence of the thermal 

conductivity of Si NTs. For a selected case of total thickness 5 nm, we simulated four 

different lengths (11.5, 15.4, 19.2, and 23.0 nm), but did not find any noticeable 

change in the calculated thermal conductivity for both amorphous coated crystalline 

NTs and fully amorphous NTs. Therefore, in order to save computational time, we 

chose a length of 15.4 nm for all EMD simulations. 

 

4.7 Growth of Silicon Nanotubes and Nanowires 

Ge/Si core/shell NWs were synthesized using gold nanocluster catalysts (Ted 

Pella, Inc.) dispersed on Si (100) wafers using a vapor-liquid-solid (VLS) mediated 

low-pressure chemical-vapor-deposition process (ET-2000, CVD Corporation). On the 

Ge core backbone grown at 290 °C, 300 Torr, and 100 sccm flow of GeH4 (1.8% in H2) 

for 2 hours, different types of Si shell were grown using 520 °C, 40 Torr, and 40 sccm 

of SiH4 (2% in H2) for crystalline shell and 490 °C, 70 Torr, and 100 sccm of SiH4 for 

their amorphous counterpart. During the transition period between Ge core and Si 

shell growth, a small amount of SiH4 (0.7 Torr, 15 sccm) was added to prevent gold 

diffusion from the AuGe eutectic droplets at the end of the Ge cores.52 The shell 

thickness was controlled by the growth time ranging from 5~25 min to deposit 5~10 

nm of crystalline (growth rate 1.3 nm/min) or amorphous shell (growth rate 0.4 

nm/min). Subsequent Ge core wet etching was performed in 30% hydrogen peroxide 
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at 60 °C for 5 hours followed by purification process using multiple centrifugal 

filtration (Nanosep 30K MWCO, Pall Co.) in isopropyl alcohol (IPA). For the thermal 

conductance study, NTs were further transferred onto 19 by 19 µm holey TEM grids 

(Ted Pella, G1000HS) to investigate their inner-/outer- diameters, Si/oxide thicknesses 

and select clean and long NTs. Final FIB process was carried out to suspend selected 

NTs across two membranes of micro-fabricated devices. 

 

4.8 Preparation of Nanotube Thermal Measurement Samples 

After the nanotubes were etched in solution, they were drop-cast onto TEM 

grids (Gilder 1000 Mesh) for sample characterization. Using TEM (FEI Tecnai 

Sphera), nanotube samples with the desired shell thickness and usable lengths (~15-20 

µm, fully suspended) were identified. These nanotubes were then checked using both 

electron diffraction and lattice pattern images to identify whether tubes were 

crystalline or amorphous as well as accurate shell dimensions. The positions of the 

chosen nanotubes were carefully documented and then the TEM grids were 

transported to a dual-beam FIB (FEI Quanta 3D) for further processing. Using SEM, 

the documented positions from TEM were identified and checked to make sure 

identified nanotubes were undamaged. The nanotube was then attached to a tungsten 

probe by electron-deposited Pt-C and lifted off the TEM grid with a nano-manipulator 

(Omniprobe 200) after waiting for the Pt-C gas to dissipate. The nanotube was 

subsequently moved to a suspended membrane thermal measurement device, 

maneuvered into the preferred orientation, and placed into contact with the heating and 

sensing membranes, with ~10 µm distance between the edge of the gap between the 
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two membranes and the end of the nanotube attached to the tungsten probe to 

eliminate exposure of the suspended nanotube section to the ion beam if used to cut 

the probe free and reduce exposure to re-deposition effects. The nanotube was then 

bonded to the membranes using the electron-deposited Pt-C, with care taken to not 

expose the suspended portion to the electron beam. The probe was then either cut free 

using the ion beam or broken free after moving the probe. This process is shown in Fig. 

4.10. Later, the outer diameter and suspended nanotube length were measured using a 

UHR SEM (FEI XL30) to calculate the thermal conductivity from the measured 

conductance. Several samples were checked in TEM after the fabrication and 

measurement procedure to ensure that the nanotubes were not amorphized during 

device fabrication (Fig. 4.11). 
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Figure 4.10: Nanotube thermal device fabrication procedure. The nanotube thermal 

conductivity samples are fabricated via a pick-and-place procedure. 1) Nanotubes are 

characterized in TEM to identify crystallinity and geometry. Furthermore, samples are 

mapped and then re-located in a dual-beam FIB. 2) In the FIB, the nanotubes are 

picked up using a tungsten manipulator probe. 3) The samples are then moved to a 

suspended thermal characterization device and placed between the hot and cold 

reservoir membranes. 4) The manipulator is then removed, leaving the suspended 

nanotube ready for thermal conductivity measurements. 
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Figure 4.11: TEM of nanotube sample for thermal measurement (a) before and (b) 

after device fabrication. Nanotube samples were checked in TEM after device 

fabrication in FIB and compared to initial TEM images taken of samples. The 

measurement sample fabrication procedure does not damage the thin crystalline walls 

of the nanotubes as can be seen from the clear lattice images afterward. The small dark 

dots in (b) are small Pt-C deposits on the surface from the FIB bonding procedure. 

Scale bars are 5 nm. 

 

4.9 Thermal Conductivity Measurement 

The thermal conductance of nanotube samples was measured using the 

suspended micro-device technique,10, 53 where two SiNx membranes patterned with Pt 

resistive thermometer (PRT) coils are each suspended by six SiNx beams. One of the 

membranes is used as a heater by passing DC current through the PRT, inducing a 

temperature rise by Joule heating, while the other is used solely as a sensor. 

Subsequently, the temperature rise is measured on both membranes, with knowledge 

of the temperature coefficient of resistance (TCR), by passing small AC currents 

through both PRTs and measuring the change in resistance. The TCR is directly found 

by fitting the measured base resistance as a function of sample temperature to the 

Bloch-Gruneisen equation. Sample temperatures were measured using a K-type 
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thermocouple directly attached to the micro-device being measured. The nanotube to 

be measured is placed bridging the two membranes and the applied Joule heating is 

varied. By measuring the resulting temperature rise on both heating and sensing 

membranes, the heat flux through the suspended nanowire sample can be found and 

the thermal conductivity calculated. The measurement is conducted in a closed cycle 

He cryostat used to vary the global temperature of the sample from 35-300 K. The 

system is also held in vacuum pressure of less than ~10-5 Torr to reduce conductive 

and convective heat transfer by residual gas molecules in the chamber. Radiative heat 

losses along the suspending SiNx beams are also negligible as it accounts for <1% of 

the systematic measurement error over the measurement temperature range.54 Due to 

the low thermal conductance of the nanotubes (<1 nW K-1), a variation on the 

measurement employing a Wheatstone bridge based circuit to measure the resistance 

change of the sensing membrane was used to increase sensitivity, enabling 

measurements of thermal conductance as low as ~0.1 nW K-1.13, 21 At such sensitivities, 

however, there is an intrinsic background thermal conductance in addition to the 

nanotube thermal conductance, which has a value of ~0.2 nW K-1 at 300 K for device 

with a 5 μm gap between the membranes and decreasing with the system temperature. 

In order to eliminate this background conductance, a canceling scheme is used, with 

the sensing membrane of an identical blank pair device with no nanotube present as 

the other branch of the Wheatstone bridge.55, 56 The heating membrane of this pair 

device is Joule heated with applied power equal to that of the heating power applied to 

the nanotube device. The bridge then measures the difference between the temperature 

rises of the nanotube and pair sensing devices, effectively subtracting the background 
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conductance and leaving only the nanotube thermal conductance which is used to 

calculate the thermal conductivity. Error in the measured thermal conductivity comes 

from error in the measured TCR, standard deviations of multiple measurements to 

account for random errors, and uncertainties in the geometry measurements from TEM 

and SEM. 

The measured thermal conductance was then converted to the reported thermal 

conductivity values using cross sectional area based on the total shell thickness 

including the Si shell and 1-1.5 nm native oxide layers on both inner and outer 

surfaces. The thermal conductance of the native oxide layers was not subtracted from 

the total conductance because thermal conductivity of ~1 nm thick SiO2 is unknown. 

Therefore, the reported thermal conductivity values can be viewed as the effective 

ones for the Si and SiO2 composite nanotubes, which is also consistent with the values 

extracted from the MD simulations in this work. Nevertheless, it should be noted that 

since the thermal conductivity of the SiO2 is on the order of 1 W m-1 K-1, similar to the 

measured thermal conductivity value of the NT samples, the thermal conductivity of 

the ‘pure’ Si shells would only be altered slightly if the oxide layer contribution was 

subtracted.  

 

4.10 AFM Cantilever Calibration for Tensile Measurements 

The elastic modulus tensile testing was done using an AFM cantilever as force 

transducer by measuring its deflection in SEM. For this reason, accurate knowledge of 

the cantilever spring constant is required to convert the deflection distance into an 

applied force. Before any tensile measurements were performed, we calibrated the 
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AFM cantilever spring constant using the Sader method57, 58. The spring constant of a 

rectangular cantilever is dependent on the cantilever geometry, material, and the 

fundamental radial resonant frequency in a vacuum. This can be calculated without 

knowledge of the density and thickness when the length (100 μm) is longer than the 

width (40 μm) which is longer than the thickness (1-2 μm), which is the case for our 

cantilevers (Bruker ORC8). The fundamental vacuum frequency shifts in the presence 

of a fluid, such as air, and can be calculated from the resonant frequency in the fluid 

with knowledge of the fluid properties, cantilever width, hydrodynamic function, and 

quality factor in the fluid (which should be ≫1). Using an AFM (Veeco Scanning 

Probe Microscope), we measured the resonance spectrum of the cantilever through a 

frequency sweep and narrowed the sweep band to capture both the fluid resonance 

frequency and the quality factor. The measured AFM cantilever resonant frequency 

and quality factor was 67.5 kHz and ~104, respectively. These parameters were used 

to calculate the static spring constant (as opposed to the dynamic spring constant) 

necessary for the tensile tests, which was found to be 0.64 N m-1. This proved very 

similar to the vibrometer test results supplied by Bruker (resonant frequency: 67.9 kHz, 

spring constant: 0.66 N m-1). 

 

4.11 Elastic Modulus Measurement Details 

To measure the elastic modulus of nanotubes and nanowires, samples were 

first identified and characterized in a TEM, their positions were documented, and then 

they were moved to a FIB, similar to the sample fabrication process previously 

described. Then, in a process similar to previous tensile measurements on single 
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nanowires,19 the samples were picked up with a tungsten probe in a dual-beam FIB 

(FEI Quanta 3D) and attached to the end of an AFM cantilever (Bruker ORC8) using 

electron beam deposited Pt-C. The nanotube was then pulled using the probe while 

both the deflection of the cantilever and the length of the nanotube were measured 

(schematic in Fig. 4.6(a) and SEM measurement pictures in Fig. 4.12), providing both 

the applied force (stress) due to the cantilever deflection and strain from 

measurements of the nanotube length. Spring constants for the AFM cantilevers were 

independently calculated using the Sader method57, 58 and were found to be 

approximately the same as the vibrometer calibrated spring constant values from 

manufacturer (see previous section). The linear fit to the stress-strain slope is the 

Young’s modulus of the nanostructure (Fig. 4.13). In addition to the calibration 

measurements on large diameter (~50 nm) c-Si NWs, for which we measured bulk-

like elastic modulus similar to Zhu et al.19, we measured the modulus of soft Nylon-11 

polymer fibers. We measured two fibers of diameter approximately 615 and 713 nm 

with moduli of 706±92 and 614±92 MPa, respectively, within the range of values for 

bulk Nylon-11 (612-860 MPa)59-61. Error in the measured elastic modulus came from 

uncertainty in the slope of the stress-strain curve do to errors in the measured nanotube 

lengths, uncertainties in the measured cantilever deflection and uncertainties in the 

calculated cantilever spring constant. 
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Figure 4.12: SEM of elastic tensile testing. (a) AFM cantilever deflection 

measurements for applied stress. The nanotube sample being tested is bonded to a 

tungsten probe manipulator with electron beam deposited Pt-C and is then attached to 

the end of an AFM cantilever. Moving the tungsten manipulator perpendicular to the 

cantilever direction then stretches the nanotube. (b) The nanotube strain is measured 

from increases in the nanotube length. At each cantilever deflection step, the length of 

the nanotube is measured. 

 



124 

 

 
 

 

Figure 4.13: Stress-strain curve from nanotube tensile test. Applied stress to nanotubes 

during tensile tests is calculated from the nanotube geometry, as measured by TEM 

and SEM, and AFM cantilever force. The force is calculated from the cantilever 

deflection and spring constant. The nanotube strain is measured from increases in 

length during cantilever deflections. The dashed blue lines represent upper and lower 

bounds of the linear stress-strain slope fitting. 

 

4.12 Conclusion 

The close link between thermal and elastic properties discovered from the 

ultrathin c-Si NTs reveals that one can engineer the thermal properties of crystalline 

nanostructures beyond the phonon boundary scattering limit via the phonon softening 

effect, and consequently achieve thermal conductivities in crystalline structures below 

their amorphous analogues. This finding paves the way for new approaches to reduce 

thermal conductivity in nanostructures, which has been a key obstacle and the topic of 

voluminous research, such as in the field of thermoelectrics9, over the past decade. 
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Moreover, understanding the thermal and mechanical behavior of materials with ultra-

small length scale is critical for the design and performance prediction of a diverse 

range of technologies including flexible nanowire electronics62, nano-electrode 

materials for batteries63, and nano-electromechanical systems64. 

Since the observed elastic softening is strongly size dependence, it is most 

likely a surface induced phenomenon, similar to effects predicted with core-shell 

models. Whether the phenomenon is due to the native oxide coating, large number of 

surface bonding defects, or strain/defects at the native oxide/Si shell interface, 

understanding the dynamics of the surface or near-surface layer may elucidate some of 

the sources of the elastic softening. To that effect, the following chapter will cover 

time- and size- dependent mechanical tests on the amorphous and crystalline nanotube 

structures covered in this chapter. Probing the dynamics of the structures with and 

without interfaces and with varying surface to volume ratios will allow us to gather a 

new set of data to better understand the physics of the surface/interface. 
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Chapter 5: Fluid-like surface layer and its dynamics in glassy 

nanotubes 

 

5.1 Introduction 

Nanoscale glassy films are ubiquitous and critical components for a variety of 

electronic and energy devices such as optical coatings1-3, amorphous oxide transistors4, 

5 and gate dielectrics6-8, non-volatile solid state memory9, 10, memristors11-13, solid-

electrolyte interphase layers14 and anodes15, 16 in batteries, and amorphous Si solar 

cells17, 18. The mechanical properties of such amorphous materials is practically 

important in system design and issues can arise when shrinking them down to 

nanoscale dimensions. For instance, in glassy polymers extensive studies have shown 

the presence of a highly mobile surface layer on the order of tens of nanometers 

thick.19-26 In the case of glassy (or amorphous) inorganic materials, whether or not a 

similar surface layer exists, however, is largely unexplored. A prior study has 

indicated such a possibility through imaging the motion of surface atoms in ultrathin 

SiO2 films27, 28, but its effect on the dynamic mechanical properties is not known. On 

the other hand, it is well known that inorganic nanostructures, in both amorphous and 

crystalline forms, can exhibit unusual mechanical phenomena, such as electron beam 

induced deformation29-31, brittle-plastic transition32-34, and strong anelasticity (atomic 

diffusion)35. It is, therefore, expected that if a mobile surface layer does exist, the 

mechanical behavior of nanostructured glass could be different from its bulk form. 

One of the challenges of directly probing the dynamic mechanical response of this 
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surface layer lies in creating and measuring ultra-thin samples, as the mobile surface 

layer, if it exists, would be on the scale of several nanometers, much smaller than that 

in polymers.   

Herein, we systematically studied the dynamic mechanical behavior of novel 

amorphous SiO2 (a-SiO2) and Si (a-Si) nanotube (NT) structures with exceedingly thin 

shells down to 7 nm (Figure 5.1), unambiguously showing the presence of highly 

mobile surface layers in inorganic glasses. The thin shells and high aspect-ratio of the 

tubular structure, having increased surface atom fraction, allow us to apply large 

stresses (109 Pa) and examine the mechanical behavior. Exponentially increasing creep 

deformation at room temperature is observed as the NT shell thickness is reduced, 

with strain increases up to 60% greater than the initial strain (< 5.5%) for the thinnest 

tubes. We also observed that creep deformation occurs only in the amorphous samples 

we studied (a-SiO2 and a-Si NTs) and not in crystalline Si (c-Si) NTs of similar 

geometry. Furthermore, we performed temperature dependent creep tests and found a 

low diffusion-like activation energy associated with the creep. 

 

5.2 Nanotube fabrication and characterization 

The ultrathin NTs in this study were fabricated by etching the Ge cores in Ge-

Si core-shell nanowires (NWs)36 as we previously reported, where crystalline and 

amorphous NTs were fabricated by controlling the temperature during epitaxial 

deposition of the Si shells on the Ge cores.37 Amorphous SiO2 NTs were synthesized 

by oxidizing c-Si NTs in air at 950 °C for 3 hours and are completely oxidized with no 

internal interfaces while the a-Si and c-Si NTs have 1-2 nm thick inner and outer 
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native oxide coatings encompassing the Si shells. NT shell thicknesses ranged from 

~7.5, 12, and 20 nm for a-SiO2, ~9, 12, 20, and 150 nm for a-Si, and ~10 nm for c-Si, 

±2 nm each, with deviations of < 1 nm along the NT length. The outer diameters (ODs) 

of the NTs range from ~70-150 nm. Each NT was characterized by high-resolution 

(HR) TEM (representative images in Figure 5.1a, b, and c, with larger NTs shown in 

Fig. 5.2) prior to tensile testing in order to confirm the crystallinity of the sample and 

to precisely measure its dimensions (OD, shell thickness, and native oxide thickness 

for the a-Si and c-Si NTs). 
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Figure 5.1: TEM images of individual ultrathin (a) amorphous SiO2, (b) amorphous Si, 

and (c) crystalline Si nanotube (NT) samples and (d) SEM of tensile creep 

experimental setup. Scale bars are (a) 10 nm, (b) 50 nm, and (c) 5 nm. 
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Figure 5.2: TEM images of (a) 14 and (b) 25 nm thick a-SiO2 and (c) 12, (d) 20, and 

(e) 150 nm thick a-Si NTs, and (f) representative c-Si NW. Scale bars are (a) 10, (b) 

20, (c) 10, (d) 10, (e) 50, and (f) 5 nm. 
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5.3 Tensile setup and measurement 

After TEM characterization, the same exact NTs were then transferred to a 

dual (electron and ion) beam chamber where a micromanipulator probe was used to 

pick up and attach each NT to the free end of an AFM cantilever. Tensile 

measurements were then performed according to an established procedure37, 38 using 

the setup shown in Figure 5.1d. During the initial loading stress-strain measurements 

were performed to calculate instantaneous tensile moduli (Figure 5.3), which were 

consistent with those of SiO2,
39-41 a-Si,42 and c-Si nanostructures,43 including our 

previously measured NTs37. Each of these initial measurements only took 2-3 minutes 

and were performed in the linear-elastic regime, with strains and stresses up to 1.5-5.5% 

and 0.8-5 GPa, respectively (Table 5.1). Such large stresses can only be sustained 

when the nanostructure has a low volumetric concentration of defects to avoid 

fracturing, as shown by the high fracture strength of our NTs (Figure 5.4). Transient 

creep was then monitored with the NT at the maximum loaded stress by measuring 

changes in length every 5 to 10 minutes over a period of up to two hours, blanking the 

electron beam between measurements. Several samples had gauge marks deposited via 

e-beam induced Pt (seen in Figure 5.1d) and strain was measured using both the gauge 

marks and the entire NT length to ensure no slippage occurred. Temperature 

dependent creep tests were also performed in-situ in the same chamber, where a heater 

implanted in the sample stage was used to control the temperature above 300 K and 

the sample temperature was measured with a thermometer. 
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Figure 5.3: Nanotube stress-strain measurement exhibiting linear elastic regime up to 

8% strain. 

 

 

Table 5.1: Nanotube information for samples used in creep tests.  

Material Nominal 

Thickness 

(nm) 

Sample # Shell 

Thickness 

(nm) 

Native Oxide 

Thickness 

(nm) 

Outer 

Diameter 

(nm) 

Initial 

Length 

(µm) 

Initial 

Strain 

(%) 

a-SiO2 7.5 SiO2-7-1 7.5 N/A 108 2.69 2.68 

a-SiO2 7.5 SiO2-7-2 7.5 N/A 104 10.00 3.50 

a-SiO2 7.5 SiO2-7-3 7.5 N/A 134 11.90 3.03 

a-SiO2 7.5 SiO2-7-4 7.5 N/A 126 7.45 2.75 

a-SiO2 14 SiO2-14-1 14 N/A 134 8.04 2.14 

a-SiO2 14 SiO2-14-2 14 N/A 136 11.94 2.60 

a-SiO2 14 SiO2-14-3 14 N/A 129 7.42 3.74 

a-SiO2 20 SiO2-20-1 23 N/A 131 9.41 3.27 

a-SiO2 20 SiO2-20-2 25 N/A 148 11.78 2.89 

a-Si 9 aSi-9-1 9.4 1.5 72 12.1 3.87 

a-Si 9 aSi-9-2 10.3 1.5 77 13.35 3.52 

a-Si 9 aSi-9-3 9.8 1.5 82 10.38 3.59 

a-Si 9 aSi-9-4 9.8 1.5 79 8.52 4.14 

a-Si 9 aSi-9-5 9.1 1.5 84 5.67 2.68 

a-Si 12 aSi-12-1 11.7 1.5 100 13.3 3.16 

a-Si 12 aSi-12-2 13 1.5 75 21.5 5.49 

a-Si 12 aSi-12-3 11.5 1.5 71 10.46 2.87 

a-Si 20 aSi-20-1 20.1 1.5 114 19.7 1.73 

a-Si 20 aSi-20-2 21.4 1.5 93 11.9 3.78 

a-Si 20 aSi-20-3 19.6 1.5 74 23.8 2.10 

a-Si 150 aSi-150-1 145 1.5 316 17.4 1.58 

c-Si 10 cSi-10-1 9.2 1.5 80 14.61 3.97 

c-Si 10 cSi-10-2 11.0 1.5 75 6.05 3.27 

c-Si 10 cSi-10-3 11.6 1.5 109 4.24 7.59 
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Figure 5.4: Measured fracture strength of a-Si NTs versus suspended NT length. 

 

 

5.4 Creep measurement 

The creep strain measured in the a-SiO2 NTs is shown in Figure 5.5a, where 

the strain increase due to creep, Δε, is normalized by the initial strain, εo. The majority 

of the creep occurred within the first 20-30 minutes and saturated thereafter. The creep 

is clearly related to the a-SiO2 NT shell thickness (δ), where Δε/εo only reaches 10% 

for NTs with δ>10 nm but is as high as 60% when δ<10 nm. The a-Si NTs exhibit a 

similar amount of creep in terms of overall strain increase and size-dependence, shown 

in Figure 5.5b. This similarity between the ultrathin a-SiO2 and a-Si NTs indicates that 

a-Si indeed exhibits glass-like behavior, as has been previously suggested.44, 45 The 

creep saturation in the a-Si NTs, however, took longer than in the a-SiO2 NTs. 
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Negligible creep was observed in a 145 nm thick a-Si NT, as expected for bulk-like 

behavior. Interestingly, no creep was observed in ~10 nm thick crystalline Si NTs 

(Figure 5.5c), just like in our control experiment on a 50 nm diameter c-Si NW. After 

one of the creep tests on a 7.5 nm SiO2 NT (loaded state), the stress was removed from 

the sample (un-loaded state) and most of the creep strain recovered over the next 30 

minutes (Figure 5.5d), indicating that the creep deformation in this study is 

viscoelastic, as opposed to previously observed34 enhanced plastic deformation which 

occurred above a threshold yield-stress and with larger strain (typically ~10%). 

 

 

Figure 5.5: Creep strain measured for (a) amorphous SiO2 (a-SiO2), (b) amorphous Si, 

and (c) crystalline Si nanotubes (NTs), and (d) viscoelastic behavior of a 7.5 nm shell 

a-SiO2 NT. Colored bands in (a) and (b) represent the range of the experimental data 

for similar shell thickness NTs. The insets of (d) show schematics of the loading and 

unloading of the NT with the AFM cantilever. The dashed lines in (a), (b), and (d) 

represent fittings based on the core-shell model shown in Figure 5.6a. 
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The size-dependent creep observed in Figure 5.5a, b, and d is presumably due 

to the growing influence of a fluid-like surface layer on the amorphous nanostructures, 

similar to that of the thin mobile surface layers in amorphous polymer films. As such, 

we used a core-shell model, similar to a Maxwell-solid spring-dashpot system (Figure 

5.6a), to understand the observed behavior, where the NT shell is comprised of mobile 

surfaces surrounding a stiff center layer. Here, the time dependent mechanical 

response of the NT under the influence of a tensile force, F(t), is  

  1 2( ) ( )core surfF t E t A E t A          (5.1)  

where the stiff middle layer has a modulus, E1, cross-sectional area, Acore, and 

experiences a strain, ε(t), while the fluid-like surface layers have elastic moduli, E2, 

total cross-sectional area, Asurf, and experience a strain, ( )t  . The average stress over 

the entire cross-section of the NT, with a total shell thickness of δ, and inner/outer 

surface layers, each of thickness c, is 

1 2

2 2
( ) ( ) 1 ( )

c c
t E t E t  

 

   
     

   
      (5.2)  

and the elastic and viscous contributions in the inner/outer surface layers are related by 

         (5.3)  

where η is the viscosity of the surface layer and ( )t   is the viscous strain. Using Eqs. 

5.2 and 5.3 and the condition of constant average stress, the time-dependent creep 

strain in the NT, normalized by the initial strain, can be found to be  
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where the time constant is defined as τ=η/E2 and the normalized maximum creep strain 

is 

max 2

1

2

2o

E c

E c



 

  
  

 
.        (5.5) 

 

 

Figure 5.6: (a) Core-shell model describing the dynamic and size-dependent behavior 

of the amorphous nanotubes and (b) the experimental (circles and squares) and 

modeled (dashed line) size-dependent normalized saturated creep. 
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We assumed that E1≈E2 based on the lack of a clear size-dependent 

instantaneous modulus (Figure 5.7) in the amorphous NTs and found that a surface 

layer thicknesses, c, of 1.1 nm best fit the experimental data for both amorphous NT 

materials, which is reasonable considering that the mobile surface layers should be on 

the order of nanometers. The creep calculated from Eq. 5.4, and represented by the 

dashed lines in Figure 5.5a and b, matches the measured time-dependence trends of 

the creep fairly well. The initial creep shown in Figure 5.5d also fits well to Eq. 5.4, 

where the initial starting strain was calculated as the ratio of the initial stress and 

elastic modulus, εo=σo/E1. The creep recovery after stress removal is simply 

1

recovery max

1 2

2
1

( ) exp
2 2

1

c

c
E

t t
t

c c
E E


 



 

  
          

              

    (5.6) 

where Δεmax is defined from Eq. 5.5 and tc is the time at which the stress was removed. 

Here, the time constant that best fit the a-SiO2 and a-Si NTs was 6 and 18 minutes, 

respectively. The corresponding viscosity of the soft outer/inner layers can be 

estimated from η=τ∙E2 and was ≈10-20 TPa∙s for the a-SiO2 NTs, equivalent to the 

viscosity of glass measured46, 47 between 1250-1500 K, and ≈ 60-90 TPa∙s for the a-Si 

NTs. 
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Figure 5.7: Size-dependent (a) instantaneous and (b) relaxed moduli of a-SiO2, a-Si, c-

Si NTs, and c-Si NWs measured by us and also by Zhu et al.38. 
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The size-dependence of the creep deformation is more clearly evident in Figure 

5.6b, where Δεmax/εo is plotted against NT shell thickness. The a-SiO2 and a-Si NTs 

follow strikingly similar size-dependent trajectories, with the maximum creep 

exponentially increasing as the NT shell thickness decreases. The observed creep 

trends only with the NT thickness and is independent of testing parameters such as the 

initial strain and stress (Figure 5.8). The dashed lines represent the modeled saturation 

creep strain based on Eq. 5.5 using the same constants previously mentioned and 

shows good agreement with the experimental data. Interestingly, if we calculate the 

relaxed tensile modulus using the saturated total strain (Figure 5.7), we find that it 

decreases as δ falls below 30 nm for a-Si, similar to the size-dependent moduli of c-Si 

NTs37 and NWs38. 

 

 

Figure 5.8: Dependence of normalized maximum creep strain increase versus (a) 

initial applied stress and (b) initial applied strain. 
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Differences in the saturation time between the a-SiO2 and a-Si NTs, however, 

may stem from a difference in atomic species mobility in either material. It is also 

possible that the a-SiO2/a-Si interface, present in the a-Si NTs and a source of atomic 

defects and roughness37, may frustrate overall atomic mobility, increasing the time 

required for the atoms to reorganize. Furthermore, the lack of any creep in the c-Si 

NTs, even with similar geometry as the a-Si NTs and with native surface oxides, also 

highlights the importance of the exact nature of this interface. This could be caused by 

the presence of a higher density layer at the c-Si-SiO2 interface (~1 nm thick)48, or 

atoms in the native surface oxide, near to the interface with the ordered crystalline 

surface, could be more ordered, confining and inhibiting their movement.49 However, 

understanding the exact role of the interfaces among the a-SiO2, a-Si and c-Si NTs 

warrants further investigation. 

 

5.5 Creep activation energy 

To understand the mechanism behind the surface-based creep, we performed 

temperature dependent creep tests on 20 nm thick SiO2 NTs (Figure 5.9a), and found 

that the amount of creep significantly increased with temperature, however τ remained 

constant. The resulting creep viscosity was found to fit well to an Arrhenius 

temperature dependence50 (Figure 5.9b), 

2 exp A

B

E
E

k T
 

 
   

 
        (5.7) 

where kB is the Boltzmann constant and T is absolute temperature. The activation 

energy of the deformation processes, EA, was found to be 0.1 eV, of similar order as 
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low values for diffusion and defect relaxation (~0.2 eV) in a-Si51-53 and a-SiO2
54. 

Furthermore, activation energies could be lower for the fluid-like surface, similar to 

values simulated for SiO2 surfaces55, 56. These energies are consistent with analysis57 

showing deformation at room temperature requires activation energies less than 0.3 eV 

and indicate that bond motion, not bond breaking58, is the source of the measured 

creep. 

 

 

Figure 5.9: (a) Creep strain observed for 20 nm shell amorphous SiO2 nanotubes at 

various temperatures. (b) Creep viscosity versus temperature, fitted to an Arrhenius 

temperature dependence (red dashed line). 
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Based on our low observed activation energy the creep deformation in the 

amorphous NTs is most likely due to multiple defected bond relaxation events which 

result in the migration of atomic clusters59, 60. Such reorganizations will alter 

coordinated bonding groups, rings of Si-O molecules in a-SiO2 or Si-Si in a-Si, such 

as transforming five- and six- fold coordinated group rings into three-, four-, and 

eight- member coordinated groups61 and migration of non-bridging atoms leading 

changes in bond angles59. This atomic re-ordering is particularly concentrated at 

surfaces, where natural defects such as dangling bonds allow atomic processes to 

circumvent the higher energy barriers present among the bulk atoms, leading to the 

high mobility of the surface layers. Since our NTs are made up of a significant fraction 

of surface atoms, they will increasingly govern the mechanical response of the entire 

nanostructure, as observed in in our experiments.  

Deformation in prior studies on SiO2 and Si nanostructures was investigated 

using constant strain rates33, 34 or high energy electron beams29-31 which break atomic 

bonds and dislocate atoms. One such recent study34 found that sub-20 nm diameter a-

SiO2 nanofibers show ductile behavior and enhanced plastic elongation above a 

threshold yield-stress. Our results, however, were performed in the elastic range, and 

while we show similar strong size-dependent deformation, it occurs significantly 

below the yield-stress and is viscoelastic, recovering the majority of the creep upon 

removal of the tensile load. Also in this study, the 5 kV electron beam will only 

transfer <0.4-0.7 eV to atoms our nanostructures62, which is much lower than the 

energy required to break Si-O or Si-Si bonds (~2-5 eV)63, but could have some 

influence on our measurement due to our measured EA=0.1 eV. TEM irradiation in 
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previous studies is much stronger, 100-300 kV beams can transfer ~9-33 eV,62 strong 

enough to continuously create defects. We took further precaution by blanking the 

beam between measurements. Heating of the nanostructure should be negligible under 

a periodically scanning 5 kV beam. Stresses on the order of 109 Pa, as applied in our 

experiments, are also large enough to initiate defect bond rearrangements, providing 

>0.4 eV compared to our 0.1 eV.  

 

5.6 Electron beam exposure 

In order to reduce the effect of exposure to the electron beam, the beam was 

blanked in between length measurements and a relatively low beam energy of only 5 

kV was used during imaging, however, measurements were also performed without 

blanking the beam, but showed similar results. This is likely because the low incident 

beam energy is not sufficient to initiate or enhance bond breaking, unlike several 

hundred kV used in the experiments conducted in a TEM in prior studies.29, 30. 

Temperature rises in the suspended NTs should be negligible, or very close to room 

temperature, with rises less than a few Kelvin at worst.29, 31 One 50 nm diameter c-Si 

NW was used to calibrate the measurement and exhibited bulk-like elasticity (~180 

GPa), consistent with prior measurements on large-diameter Si NWs,38 with no 

observable creep over a measurement period of two hours. Similarly, we did not 

observe creep in c-Si NTs with dimensions similar to those of the a-Si and a-SiO2 NTs. 

All of these control experiments suggest that the observed size-dependent creep in the 

a-Si and a-SiO2 NTs is indeed an intrinsic property of the NTs and not due to the 

electron beam exposure or other experimental artifacts. 
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5.7 Conclusion 

We observed strongly size-dependent creep deformation in ultrathin 

amorphous nanostructures, which was viscoelastic and not solely plastic in nature, nor 

limited by a threshold yield-stress. This same time- and size- dependent behavior did 

not occur in crystalline structures with similar geometry and native surface oxide. 

Furthermore, a core-shell model shows that a ~1 nm thick fluid-like surface layer has a 

significant effect on mechanical behavior and matches well with our experimental 

results. Additionally, a low activation energy extracted from temperature dependent 

creep measurements indicates that the deformation is due to bond motion, not bond 

breaking. These findings show that the mobility of surfaces must be accounted for in 

nanoscale amorphous systems. Such behavior could have major implications for the 

design and functionalities of future electronic and energy devices.  
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Chapter 6: Structure-induced enhancement of thermal 

conductivities in electrospun polymer nanofibers 

 

6.1 Introduction 

Recent progress in polymeric material engineering, especially in the synthesis 

and processing of materials with structure on nanometer-length scales, has created 

very promising opportunities for designing and fabricating a new class of 

nanostructured thermal transport materials with high thermal conductivity and 

compliant mechanical properties.1,2 It has been discovered that, in addition to 

enhanced mechanical performance,3,4 polymer materials under tension also exhibit 

increased thermal conductivity along the tensile direction.3,5-9 Polymeric materials, 

which are nearly insulating in bulk forms,10-12 exhibit increased thermal conductivity 

when they are stretched to high draw ratios. For instance, the thermal conductivity (κ) 

of micron-sized polyethylene (PE) fibers was found to increase from 0.2 W/m-K in 

bulk forms to 50 W/m-K after drawing, accompanied by an increase in Young’s 

modulus.3 More recently, Shen et al.1 observed thermal conductivity as high as ~100 

W/m-K for a single PE nanofiber (drawn from a gel to a diameter of ~100 nm). 

Polymer nanofibers therefore represent a new class of materials potentially suited to 

thermal applications and related technologies that require good thermal conductivity, 

electric insulation, mechanical flexibility, chemical stability, and other attributes 

uniquely related to polymers. 
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Heat transport mechanisms in polymers have been studied quite extensively. 

As an intrinsically low-dimensional system, isolated individual polymer chains can, in 

principle, have very high thermal conductivity.13 However, a macroscopic ensemble of 

polymer chains is often a thermal insulator because of the twisted random orientations 

of the polymer chains and the weak coupling between the chains, in addition to 

inherent defects such as voids, impurities, polymer chain ends, and entanglements. 

These imperfections and defects generate high interfacial thermal resistance between 

conducting crystalline domains because high-frequency phonon modes within the 

crystalline domains must transfer to low-frequency modes across the domains. In 

highly stressed nanofibers, however, voids and entanglements are less likely to exist 

and polymer chains tend to form highly oriented structures as a result of transverse 

axial confinement and large surface aspect ratio. Molecular dynamic simulations have 

shown that κ of PE polymer nanofibers may achieve ~350 W/m-K,14-16 and is ever 

diverging with length.14,17,18 

These prior experimental and computational studies suggest a correlation 

between structures (e.g., crystalline domain size and orientation) and thermal 

conductivities in polymeric materials. In mechanical drawing experiments,1,3,5,8,19 it 

was believed that stress imposed during the fiber drawing re-orients the crystallites 

along the draw direction. These crystallites are connected by tie-molecules that 

originate in the unfolding polymer chains. Upon further drawing, the number of fully 

extended tie-molecules increases, producing oriented and stretched polymer chains as 

well as increased crystal sizes, thereby enhancing mechanical strength and thermal 

conductivity. Much effort has therefore gone into developing advanced fabrication 
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techniques, for example, direct proximal probe-based drawing1 and nanoporous 

template wetting,20 as well as into uniaxially stretching bulk polymers into nanofibers 

of aligned chains in order to produce high modulus and high thermal conductivity.  

Despite these recent advancements in thermal conductivity enhancement via 

drawing, there is still a lack of fundamental understanding of the relationship between 

the structures and attained thermal transport properties in polymer nanofibers. For 

instance, there is no study revealing how the size and anisotropic alignment of 

polymer crystallites is correlated with thermal transport. To that end, we used high-

resolution in situ wide-angle X-ray scattering (WAXS) to systematically determine the 

structures of Nylon-11 nanofibers fabricated by electrospinning, which is a simple and 

versatile method to produce polymer nanofibers with controlled fiber diameters from 

tens of microns to tens of nanometers.21 Nylon-11 is a widely used polymer material in 

high-performance applications, and it is relatively easier to produce highly aligned 

Nylon-11 nanofibers through electrospinning. A highly sensitive micro-device 

platform was employed to measure the thermal conductivities of corresponding 

individual nanofibers. Using electrospun Nylon-11 as a model system, we established 

a close correlation between the axial thermal conductivity and crystalline structures 

(e.g., the orientational distribution and dimension of the crystallites). The 

methodology in the current study can be readily extended to other commonly 

investigated polymer materials, such PVDF (polyvinylidene fluorid), PE, PEO 

(polyethylene glycol), and etc.  
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6.2 Sample preparation 

Nylon-11 pellets (Sigma-Aldrich) with a density of 1.026 g/mL (melting 

temperature Tm=198C) were dissolved in 1,1,1,3,3,3-Hexafluoro-2-propanol (HFIP, 

from Sigma-Aldrich). Solution concentration varied from 2 wt% to 12.5 wt% for the 

control of nanofiber diameters. The nanofibers were spun on a vertical electrospinning 

apparatus (Fig. S3) with an electric potential of 6-7 kV. In order to produce uniaxially 

aligned nanofibers, two parallel collecting electrodes were placed 20-30 cm below the 

spinneret.54 The electrospinning jet then stretched itself across the gap as the electric 

field lines are attracted towards the edges of the electrode. The electrostatic repulsion 

between the deposited charged fibers further facilitated the parallel and relatively even 

distribution of fibers.55,56 The highly oriented nanofibers were then carefully 

transferred either onto micro-devices for thermal property measurement or to an X-

ray-compatible vacuum chamber for internal structure characterization. The diameters 

of nanofibers were determined on an FEI Quanta 400F environmental scanning 

electron microscope (SEM). 

 

6.3 Structure measurement 

The internal crystalline structures of the nanofibers, in terms of lattice 

dimension, crystalline size, and orientational order, etc., were quantitatively 

characterized using wide-angle X-ray scattering (WAXS) at beamline 8-ID at the 

Advanced Photon Source with an X-ray energy of 7.35 keV. The aligned nanofibers 

were placed under tension between two parallel posts that can be individually 
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translated axially in order to stretch the nanofibers. Controlled thermal annealing of 

the nanofibers was achieved via homogenous infrared radiation from an in-vacuum IR 

heater (200 W, 120 V, Mor Electric Heating Assoc., Inc., USA). In situ hot-stretching 

was performed by ramping to and maintaining the desired annealing temperature until 

fibers reached structural equilibrium, followed by uniaxial stretching at a rate of 5 

m/s. The temperature was measured with a platinum resistance thermometer placed 

in close proximity to the nanofiber sample. To protect the polymer nanofibers from 

radiation damage, the samples as well as the entire hot-stretching instrument are 

enclosed in an X-ray compatible vacuum chamber. WAXS patterns were recorded by 

a single-photon-counting pixel array detector (Pilatus 1M, Dectris) located 194 mm 

downstream from the sample. Routine WAXS data processing was performed for air 

gap scattering, efficiency, polarization, and solid angle before the 2D WAXS data 

were finally reduced to 1D data for further data analysis. 

 

6.4 Structural characterization 

During the fast electrospinning, long filaments of Nylon-11 chains are wound 

up at an extremely high speed to form crystalline lamellar domains whose orientation 

and crystallization occur in line with the elongation flow along the extrusion direction. 

In each domain, the extended parallel chains are connected by hydrogen bonds 

forming a layered structure.22,23 These oriented crystallites are connected by random 

networks of tie molecules or chain segments that represent the amorphous constituent 

of the internal structure. The mixed phase, consisting of co-existing amorphous and 

oriented crystalline regions and schematically shown in Fig. 6.1a, is confirmed by the 
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WAXS pattern from uniaxially aligned as-spun Nylon-11 nanofibers where Bragg 

diffractions appear as broken arcs while the isotropic amorphous phase scatters X-rays 

to form a broader circular ring of uniform angular intensities (Fig. 6.1b and 6.1c).   

 

 

Figure 6.1: (a) Schematic of the molecular arrangement in Nylon-11 nanofibers. 

WAXS patterns from uniaxially aligned nanofibers of an initial diameter of ∼200 nm 

are shown for (b) as-spun at room temperature (RT) and (c) after hot-stretching to a 

1.5× draw ratio at 120 °C, respectively. The long axes of the nanofibers are laid along 

the b* axis, and the X-ray is incident perpendicular to the fibers (into the page). (d), (e) 

and (f) correspond to the intensity line cuts along the (010) direction (b* axis), (200) 

direction (c* axis), and the polar angle φ across the (200) diffraction peak, 

respectively. Solid red lines are fits to the models described in the text. Hot-stretched 

data are shifted vertically for clarity. Dashed blue, violet, and cyan curves displayed in 

(d) are best fits to the (010), (020), and amorphous peaks for the RT data, respectively. 

The inset in (f) shows corresponding orientational distribution functions of the 

crystalline domains as a function of inclination angle β of the crystalline domain with 

respect to the nanofiber axis. 
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Detailed information about the internal structure can be obtained by 

quantitative analysis of the line shapes of the Bragg diffractions. The longitudinal 

(axial) line cut along the fiber c* axis is excellently described by the superposition of 

the (010), (020) and the diffuse peak from the amorphous regions, which is modeled 

by three Lorentzian functions (Fig. 6.1d). The lattice spacing along the fiber axis can 

then be determined from the peak position, and the size of the crystalline domain is 

estimated from the peak width via the Scherrer equation.24 The shape factor of the 

amorphous phase obtained from the axial line cut is then used as the background 

scattering to extract the lattice spacing and crystalline domain dimension along the 

fiber perpendicular direction a* (Fig. 6.1e). The degree of the uniaxial orientational 

order of the crystalline domains is described by the orientational distribution function 

(ODF) 𝑓(𝛽), where 𝛽 denotes the inclination angle between the long molecular chain 

axis and the fiber axis. The ODF can be obtained from the angular intensity 

distribution25,26 across the (200) Bragg peak, as shown in Fig. 6.1f. Knowing the ODF, 

any averaged orientational property 〈𝑋〉 can be numerically calculated by 

〈𝑋〉 =
∫ 𝑋𝑓(𝛽) 𝑠𝑖𝑛 𝛽𝑑𝛽

𝜋/2
0

∫ 𝑓(𝛽) sin 𝛽𝑑𝛽
𝜋/2

0

 .       (6.1) 

In particular, the average inclination angle of the crystalline domains 〈𝛽〉 and the 2nd-

order orientational order parameter 〈𝑃2〉 with respect to the fiber axis are determined 

by substituting 𝑋 by 𝛽 and (3 cos2 𝛽 − 1)/2, respectively. It should be noticed that 

the orientation due to the inter-fiber alignment in a bundle also contributes to the 

overall orientational WAXS analysis as a convolution with the intrinsic orientation 

arising from the molecular alignment.27 Analysis on the scanning electron microscope 
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(SEM) images, however, revealed that nanofibers are highly aligned so that the effect 

due to fiber alignment is very small in comparison to that from the intrinsic internal 

crystalline orientation. Quantitative structure information about the internal structures 

is summarized in Figure 6.2 for as-spun and hot-stretched nanofibers as a function of 

nanofiber diameter, and will be discussed along with their thermal properties. It is 

known that Nylon-11 possesses five different polymorphs and that thermal annealing 

and stretching may induce transitions among these phases.28,29 However, during the 

entire hot-stretching process the (010) and (200) diffractions are always orthogonal to 

each other, their lattice parameters are consistent with literature bulk values for 

monoclinic  form of Nylon-11,22,23 and they do not show much dependence on 

nanofiber diameter or drawing ratio (Fig. 6.2c and 6.2e). The d-spacing effect on 

thermal conductivity, therefore, will be ignored in the following discussions. 
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Figure 6.2: Structural data of the crystalline domains as a function of diameter for 

nanofibers as-spun at room temperature (blue circles) and hot-stretched at 120 °C to a 

1.5× draw ratio (red squares). (a) and (b) are the orientational order parameter and 

average inclination angle, respectively; (c) and (e) are lattice parameters along the 

(010) direction (nanofiber axis) and the (200) direction (perpendicular to nanofiber 

axis), respectively; (d) and (f) are the average crystalline domain sizes along the (010) 

and (200) directions, respectively. Error bars are standard deviations from 

measurements on multiple and identical nanofiber samples. 
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6.5 Thermal measurement 

The thermal conductivity of the Nylon-11 nanofibers was measured using the 

well-established suspended micro-device method58,59 over a wide temperature range. 

Pt resistance thermometer coils patterned onto suspended SiNx membranes allow for 

heating and temperature sensing, where one coil acts as a heater to create a 

temperature differential across the individual nanofibers, and both coils 

simultaneously act as thermometers to measure the temperature rise of each suspended 

membrane. Measurements were performed in a vacuum chamber evacuated to better 

than ~10-5 Torr to reduce the conduction and convection heat transfer due to residual 

air molecules. Heat loss along the suspending beams supporting the heating and 

sensing membranes as well as along the nanofiber was found to be within the 

systematic error of the nanofiber thermal property measurement and thereby can be 

negligible. 

Excess nanofibers on the micro-devices were cut using focused ion beam (FIB) 

with care taken to avoid accidental Ga ion or electron beam damage60 to the nanofiber 

of interest (Fig. 6.3b and 6.3c). Platinum deposition for enhanced thermal contact 

between nanofibers and SiNx membranes was not applied as it was found to damage 

the fibers and reduce measured thermal conductivity values. The conductivity reported 

here therefore includes the thermal contact resistance, thereby representing the lower 

bound of the intrinsic value of the nanofibers. The contact resistance, however, is 

estimated to be very small compared to the fiber conduction resistance based on 

previous investigations on suspended nanowire/fiber systems.61  
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Since the thermal conductance of thin polymer nanofibers herein is rather low 

compared to wires made of most inorganic materials, we employed a sensitive 

measurement technique based on the Wheatstone bridge, which can resolve a thermal 

conductance as low as ~0.1 nW/K.62 Our measurements suggested that the 

contribution from the background conductance is not negligible due to the low 

conductance of the nanofibers. Therefore, a ‘canceling’ scheme63,64 was applied so that 

the background is directly subtracted by measuring the conductance difference 

between a nanofiber device and a neighboring identical blank device with no 

nanofiber. 

 

Figure 6.3: (a) Thermal conductivity versus nanofiber diameter at 300 K. Black circles 

represent as-spun nanofibers and red triangles represent nanofibers hot-stretched to 

1.5× original length. Thermal conductivity of all samples increases as diameter 

decreases, with larger increases among hot-stretched fibers. Blue dashed line 

represents bulk Nylon-11 values.10 (b) Dark-field optical image of nanofibers on a 

suspended micro-device for thermal measurement. (c) SEM of the same fiber in (b) 

with inset of a close-up of the fiber segment on the supporting pad. 
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6.6 Size dependence of thermal conductivity 

Stretching crystalline polymer films and fibers has been reported in both 

computer simulations and experiments to be capable of modifying crystalline 

structures or inducing crystal transitions, which subsequently can lead to enhanced or 

even new performance in mechanical and thermal properties.1,30,31 Although the 

statistics in our WAXS data cannot tell if drawing may improve the orientational 

distribution of the amorphous chains, it is commonly believed that drawing stretches 

the loose chains between crystal domains and yields increased tension in these chains 

and larger crystal size; on the other hand, the entangled polymer chains are restricted 

and the molecules orient themselves along the fiber axis direction, resulting in 

improved orientation. In the case of lamellar-structured Nylon-11, drawing can also 

enable the hydrogen-bonded polyamide sheets to slip past each other and form a more 

oriented structure.32 The as-spun nanofibers are intrinsically highly stretched with an 

extremely high draw-ratio of 104-105 from the electrospinning process.33 By uniaxially 

drawing the as-spun nanofibers at elevated temperatures below Nylon-11’s melting 

point (Tm=198C), we succeeded in obtaining an extra draw ratio of up to 2× original 

length. Data with a draw ratio of 1.5× were demonstrated in this study as the 1.5× ratio 

is applicable for all fibers. The structural improvements and the tension along the 

polymer chains are expected to increase the axial thermal conductivity, which was 

indeed observed in the present study. 

Fig. 6.3a shows the increasing axial thermal conductivity κ measured at room 

temperature on as-spun and hot-stretched Nylon-11 nanofibers as a function of fiber 

diameter. As-spun nanofibers, even the one with 413-nm diameter, displayed a higher 
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thermal conductivity than the literature values (0.216-0.24 W/m-K) of bulk Nylon-

11,10,34,35 and the thermal conductivity increased as fiber diameter was further reduced 

to 196 nm, 121 nm, and 109 nm. Hot-stretched nanofibers (175 nm, 113 nm, and 73 

nm) had even higher thermal conductivity values than those of similarly sized as-spun 

samples. Due to the challenging nature of the thermal conductivity measurements of 

individual nanofibers, it was prohibitively time-consuming to carry out these 

measurements with a broad sampling to probe possible variations of thermal properties 

of fibers with the same diameter. Such a study with large sampling size would be 

useful to establish a stronger diameter-dependence correlation, which warrants more 

systematic experimental study in the future. 

 

6.7 As-spun nanofibers 

The increase in thermal conductivity with decreasing diameter for as-spun 

nanofibers is strongly correlated with the structural trend revealed by the WAXS data 

(Figure 6.2). The perpendicular crystal size, i.e., along the (200) direction, does not 

vary as the fiber diameter reduces from the micron scale to ~200 nm (Figure 6.2f), 

while the longitudinal crystal size grows by ~25% (Figure 6.2d), implying a longer 

phonon mean free path (MFP) along the aligned molecular chains before phonons are 

scattered at crystal boundaries. Moreover, the population fraction of crystals whose 

extended chains are parallel to the fiber axis is higher as the fiber diameter decreases, 

which has been verified by the higher orientational order parameter 〈𝑃2〉 and smaller 

averaged crystal inclination angle 〈𝛽〉 (Figures 6.2a and 3b). This further facilitates 

phonon propagation along the fiber axis. On the other hand, the crystallinity analysis36 
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reveals a nearly constant degree of crystallinity of 36% for all the studied nanofibers, 

consistent with 35-45% determined by X-ray diffraction and differential scanning 

calorimetry on electrospun Nylon nanofibers11,37 and bulk Nylon samples.38,39 In 

addition, WAXS from bulk Nylon-11 samples does not reveal preferred orientations. 

Therefore, it is the improved crystallite orientation and polymer chain alignment 

arising from the confinement of diameter reduction rather than the fraction of 

crystallinity that contributes to the enhanced thermal performance.  

 

6.8 Hot-stretched nanofibers 

As the diameter reduces below a critical value of ~200 nm, regardless of as-

spun or hot-stretched nanofibers, 𝜅  increases in an accelerated trend (Figure 6.3a), 

consistent with previous studies on PE nanofibers,1,3 albeit with lower κ for the 

stretched Nylon fibers studied herein. In addition, hot-stretched nanofibers show 

higher 𝜅 values than as-spun fibers with comparable diameters. This enhancement is 

highly correlated with the in situ hot-stretching WAXS data, which reveal a 

significantly narrower orientational distribution of the crystals, i.e., 〈𝑃2〉  increased 

from 0.75 for as-spun 190-nm nanofiber to 0.9 after hot-stretching (Fig. 6.2a), and the 

averaged crystal inclination angle reduced from 11° to 4.4° (Fig. 6.2b). In contrast to a 

very small change in the longitudinal crystal size, the transverse crystal size after hot-

stretching expanded to more than twice that of the as-spun fibers, which implies a 

much lower phonon scattering probability at the crystal boundaries and hence an 

increase in thermal conductivity along the crystal axis. For the smallest hot-stretched 
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nanofiber in the present study (73 nm in diameter), the thermal conductivity is about 

1.6±0.2 W/m-K, more than 6× that of bulk Nylon. 

It is also worth pointing out that the conductivities of the hot-stretched fibers, 

regardless of the size, are consistently slightly higher than those of the as-spun fibers. 

As can be seen from Fig. 6.3a, the hot-stretched 113 nm fiber has a higher thermal 

conductivity than the 121 nm and 109 nm as-spun fibers. This observation indicates 

that the (hot-) stretching leads to higher orientation order, which is in addition to the 

effect of the diameter reduction.  

 

6.9 Temperature dependence of thermal conductivity 

To further understand phonon scattering mechanisms in nanofibers, we 

investigated the temperature dependence of 𝜅 over a temperature range of 30-300 K 

(Fig. 6.4). Bulk Nylon exhibits three temperature regimes: 1) below the Debye 

temperature TD, 2) above the Debye temperature but below the brittleness temperature 

Tb, and 3) above the brittleness temperature up to room temperature. The temperature 

dependence of thermal conductivity can be understood from the relation, 𝜅 ∝ 𝐶𝑣𝑙, 

where C is the heat capacity, v is the phonon speed of sound, and l is the phonon MFP. 

In the first regime, the temperature dependence is due to the increase in heat capacity 

with increasing temperature which saturates approaching the Debye temperature. In 

the second regime, the heat capacity is constant, but there is still a slight increase in κ, 

up to the brittleness temperature (~188 K40). Above Tb, in the third regime, κ is nearly 

constant. This provides a baseline for comparison with the measured nanofibers. 
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Figure 6.4: Thermal conductivity versus temperature for all measured nanofiber 

samples. Nanofiber diameters ranged from the largest at 413 nm down to the smallest 

at 73 nm. Fibers of diameters 413, 196, 121, and 109 nm (circles) were as-spun, 

whereas the 175, 113, and 73 nm diameter fibers (triangles) were hot-stretched to 1.5× 

original length. Vertical lines denote Debye (TD) and brittleness (Tb) temperatures for 

bulk Nylon.  
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In the first regime, below TD (~123 K for bulk Nylon-1141), the temperature 

dependence is again due to the heat capacity, however, the κ increase is scaled higher 

at smaller diameters due to longer phonon MFPs from the increased crystal size and 

orientation. The thermal conductivity, however, increases above the bulk Debye 

temperature, which becomes more pronounced for smaller diameter fibers. This is 

possibly due to the relationship between the Debye temperature and the elastic 

modulus, E, (𝑇𝐷 ∝ √𝐸 ),42 where increasing E with decreasing diameter2 leads to 

increases in TD for smaller nanofibers. This could be the reason there is no discernable 

plateau or maximum in the thermal conductivity over the measured temperature range. 

Impurity and inter-chain scattering dominates thermal transport in bulk and 

amorphous Nylon.11 Similar scattering mechanisms also exist in the nanofibers in the 

present study, but with reduced impurity and inter-chain scattering leading to the 

higher κ. Moreover, a recent study43 on the thermal conductivity of polymers has seen 

1/T temperature dependence above the peak in κ due to Umklapp scattering. However, 

these polymers had a crystallinity of ~80%, whereas the Nylon in this study is 

comparatively low at ~36%, leaving much of the polymer amorphous. This large 

amorphous component could reduce the peak thermal conductivity and mask the 1/T 

behavior in the measured κ data. 

 

6.10 High temperature measurement and annealing effect 

The thermal properties were also examined on an as-spun nanofiber sample 

(196 nm in diameter) above room temperature before and after annealing at 500 K 
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(Fig. 6.5). In the heating cycle before the annealing, κ maximizes at ~330 K, around 

Nylon’s glass transition temperature (325-335 K),44,45 and declines again upon further 

temperature increase. Similar behavior has been previously observed in some other 

polymers.43,46 As the temperature rises above the glass transition temperature, 

structural changes46 cause a decrease in κ.43 The nanofiber was then annealed at 500 K 

(slightly above the Tm of 471 K) for about one hour without breaking the fiber and 

then allowed to cool to room temperature; its conductivity was found to be 

significantly depressed from 0.48 to 0.19 W/m-K at ~330 K. This may be accounted 

for by a few possible changes of the internal structures which were challenging in the 

current study to identify on single free-standing fibers: the degree of crystallinity 

substantially decreased; crystal size and morphology may be significantly affected; or 

more probably, preferred molecular orientation of the crystallites with respect to the 

fiber axis was lost with the thermal history. 
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Figure 6.5: Thermal conductivity versus temperature for annealed nanofiber sample 

NF2 (196 nm diameter as-spun). Nanofiber thermal conductivity was measured from 

30 K to 400 K (black circles) and further annealed to 500 K. The thermal data above 

room temperature shows a peak at ~330 K, which is approximately the glass transition 

temperature for Nylon (vertical dotted line). After holding at 500 K for ~1 hr, the 

sample was cooled to room temperature and the thermal conductivity was re-measured 

from 300 K to 500 K (red triangles) and found to be significantly reduced.  

 

 

 

6.11 Effect of structural defects 

The close correlation between structural and thermal properties in electrospun 

nanofibers was also clearly demonstrated in a nanofiber with intentionally induced 

defects, namely, a beaded nanofiber (Fig. 6.6). The capillary instability squeezes the 

fluid electrospinning jet into droplets that are still connected by the entangled polymer 

chains, thereby forming a beaded structure.47 Previous orientation analysis along 

single-beaded fibers via electron diffraction has revealed a bulk-like structure in the 
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beads with randomly oriented crystallites,48 which can account for the measured bulk-

like κ (~0.28 W/m-K) for the beaded nanofiber in the present study. 

 

 

 

Figure 6.6: Thermal conductivity of a beaded nanofiber. Bulk Nylon-1110 (blue 

dashed line) shown for comparison purposes. Inset (a) shows an SEM image of a 

beaded nanofiber segment with several beaded structures marked. Inset (b) shows an 

individual bead structure from the beaded fiber. 

 

 

6.12 Comparison with other nanofibers 

In agreement with Shen et al.,1 our results showed a significant structural-

induced increase in thermal conductivity in small diameter nanofibers. The lower 

absolute κ observed in the Nylon-11 nanofibers as compared to PE, is attributed to the 

intrinsic difference in the molecular structure and the lower crystallinity. In addition, 
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the macroscopic conductivity of an ensemble of polymer chains drastically depends on 

the manner in which the chains are folded. Linear high-density PE has the simplest 

molecular structure with chains that can fold to form almost entirely crystalline 

domains (80-90% crystallinity)3 with a much higher packing density than its 

amorphous counterpart. In contrast, the degree of crystallinity of Nylon-11 is only 35-

40%, leaving most of the polymer in non-crystalline phase with very high thermal 

resistance. Furthermore, both experimental studies on PE mats5 and molecular 

simulations on individual polymer chains18,49,50 have shown that polymers of high 

mechanical strength also have superior thermal performance. Given Nylon’s 

intrinsically lower Young’s modulus (~25 GPa) of the crystalline lattice compared to 

PE (~240 GPa),51 it is expected to possess a much lower thermal conductivity.  

The structural properties and corresponding enhanced thermal conductivities of 

the Nylon nanofibers in the present study correlate well with their mechanical 

properties previously studied. As the electrospun nanofiber diameter reduces to 200-

500 nm, it has been shown to exhibit rapidly rising Young’s modulus and ultimate 

tensile strength along the fiber axis.4 The fast electrospinning induces tensile strains on 

polymer chains even in the amorphous region. This lowers the phonon-phonon 

scattering and improves energy transport along the polymer backbones.31 

 

6.13 Conclusion 

We have established a relationship between the internal crystalline structures 

of electrospun Nylon-11 nanofibers with high as-spun draw ratio and their axial 

thermal properties. In consistence with previous experimental studies,1,3,6 we found 
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that although the thermal conductivity starts deviating from the bulk value when the 

fibers reach as thick as several hundred nanometers (e.g. ~400 nm), this further 

accelerates only when the nanofiber diameter decreases to about two hundred 

nanometers, where crystallites start to show a significantly higher degree of preferred 

orientation with respect to the fiber axis. The combination of crystal size growth and 

improved orientational order (along with the narrowing of crystalline domain 

inclination distribution) increases the intermediate-range order and the phonon MFP, 

resulting in an enhanced thermal conductivity. Additional axial hot-stretching 

improved the orientation distribution and the crystallite size, thereby further reducing 

phonon scattering at crystal boundaries and facilitating heat transport along the fibers. 

Subsequently, thermal conductivity six times greater than bulk was achieved on the 

thinnest Nylon nanofibers in the present study. 

Temperature-dependent tests showed some deviation from bulk behavior 

below room temperature. The larger crystal size increased thermal conductivity over 

the entire temperature range. This would plateau near the Debye temperature, which 

could shift to higher temperature with decreasing fiber diameter. On the other hand, 

increasing temperature above Tg led to a maximum thermal conductivity around Tg. It 

was also found from the beaded fibers that the disordering in crystallite orientations as 

well as nanofiber defects can significantly reduce the thermal conductivity to close to 

bulk-like values.  

Nylon-11 is a ferroelectric polymer52 and the dipole interactions can help 

improve the crystallite orientations during the electrospinning, as have been observed 

in other ferroelectric polymers such as PVDF.53 The effect of the ferroelectricity of 
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polymer nanofibers on their thermal behavior is certainly of great interest for future 

investigations, yet there is no direct evidence on their correlations. Since the main set 

of thermal measurements were conducted below the glass transition temperature of 

Nylon-11 (between 40-70°C),45 ferroelectric effects should be negligible. In addition, 

for measurements above the transition temperature, electronic contributions to the 

thermal conductivity are negligible and dominated by phonon transport.  

In summary, our findings from the Nylon-11 nanofibers unambiguously 

provided very important experimental evidence of the strong dependence of the 

thermal performance on the crystalline morphology of the polymer nanofibers. 

Therefore, these studies will not only shed light on further understanding of phonon 

transport mechanisms in low-dimensional polymer systems, but also lay out a possible 

path to achieve full control of the design and fabrication of nanostructured polymer 

nanofibers endowed with high thermal conductivity and other desired properties. 

Still, the results of this work do not conclusively state that the size-dependent 

properties are due to the crystal morphology itself. Since the overall crystallinity of the 

Nylon-11 fibers is practically constant, the mechanism for the thermal conductivity 

increase is not identical to that of polyethylene, where stretching fibers to smaller 

diameter leads to increased crystallinity1. Arguments that the amorphous content are 

the source of the behavior2,65 is still possible. In fact, the crystal morphology measured 

in this chapter may lead to confinement of the amorphous polymer chains in between 

crystallites, which could lead to increased amorphous chain alignment, etc. In order to 

test for this, the following chapter details time- and size- dependent mechanical tests 

of the Nylon-11 fibers studied in this chapter. Time-dependent stress relaxation 
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measurements should be able to confirm if there are size-dependent phenomena 

resulting from increasingly confined amorphous chain regions in the fibers. 
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Chapter 7: Strong size-dependent stress relaxation in polymer 

nanofibers 

 

7.1 Introduction 

One striking feature of electrospun1-4 polymer nanofibers is their strong size-

dependent material properties, which can change many times that of their bulk values. 

Widespread interest in polymer nanofibers stems from studies showing that the 

moduli5 and thermal conductivities6 of semi-crystalline polymer nanofibers are 

strongly dependent on the fiber diameter, specifically in the range of several hundred 

nanometers.1, 5, 7-14 Further studies have expanded our understanding of the mechanical 

and thermal properties in these nanoscale fibers, such as strength, toughness, and glass 

transition and melting temperatures. These various observed mechanical and thermal 

behaviors are closely associated with the dynamics of polymer chains within the 

nanofiber. Quite recently it was found that along with the modulus, the yield strength 

and toughness of individual semi-crystalline nanofibers also increases significantly as 

diameter decreased.13 This increase in toughness was unexpected as it opposes the 

classical tradeoff between strength and toughness present in bulk materials,15 such as 

in bulk polymers and metals. As such, diverse applications of polymer nanofibers have 

been proposed, such as for military protective clothing16, nanosensors3, 17, tissue 

engineering scaffolding18-20, and as thermal packaging21. 

The toughness of polymers mainly comes from two molecular scale 

contributions: breaking of polymer chains and sliding between polymer chains. 
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Macroscopically, the sliding between polymer chains usually manifests as 

viscoelasticity. In electrospun fibers, this tough behavior was attributed to originate in 

the amorphous polymer chain content, which was a considerable portion of the fiber. 

Furthermore, temperature based studies on nanofibers have observed similar size-

dependent dissipative effects, such as reduction of the modulus upon heating22 and 

decreased glass transition23 and melting24 temperatures with diameter reduction. The 

thermal responses of fibers have pointed to the significant amorphous content in these 

fibers as the leading cause of size-dependent behavior, without identifying specific 

mechanisms. From these disparate observations, it is not directly shown but can be 

inferred that a size-dependence should be associated with any mechanical relaxation in 

single electrospun polymer nanofibers, which has not been shown in previous studies 

on the elastic modulus.  

Herein, we report for the first time significant size-dependent stress relaxation 

in electrospun Nylon-11 nanofibers (with a low diameter independent crystallinity of 

only 36%)14, where diameter reduction leads to increasing amounts of stress relaxation. 

We also find that the relaxation time constant initially decreases, but saturates for 

fibers with diameters below 200 nm. This further means that the viscosity of the 

relaxing components, which is independent of size above ~200 nm, increases with 

diameter reduction below ~200 nm. Furthermore, the strong size-dependent stress 

relaxation in combination with exponentially increasing stiffness with decreasing 

diameter leads to nanomaterials with size-tunable properties capable of exhibiting high 

metal-like stiffness and near state-of-the-art mechanical energy dissipation.  
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7.2 Mechanics measurement 

Individual Nylon-11 nanofibers were picked up with a micromanipulator in 

SEM and attached to the free end of an AFM cantilever with electron beam deposited 

Pt (Figure 7.1a) to conduct tensile measurements. The fiber was then pulled, causing 

the AFM cantilever to deflect and stress the fiber, where the applied force is directly 

related to the cantilever deflection and spring constant. The induced strain was found 

by measuring the fiber length (Figure 7.2), with care taken to use low beam energies 

(1-1.5 kV) as to not damage25 the fiber. The instantaneous tensile modulus, 𝐸𝑖𝑛𝑠𝑡, of 

the fiber was measured based on the slope of consecutive stress and strain 

measurements (measured in ~1 minute) and well within the linear extent of the stress-

strain curve (Figure 7.3). Two different AFM cantilevers were used to measure 𝐸𝑖𝑛𝑠𝑡 

of the fibers, with one cantilever having ~10× stiffer spring constant, and the resulting 

moduli were in good agreement with one another. Fibers tested using the stiffer 

cantilever were also used for time-dependent mechanical testing since changes in force 

manifest as small changes in cantilever deflection compared to that of the fiber 

elongation (initial strains ranging from 1.5 to 7% for fiber lengths of ~20-30 µm). 

Stress relaxation was monitored, after measuring 𝐸𝑖𝑛𝑠𝑡, by measuring decreases in the 

cantilever deflection every five to ten minutes over a period of two hours. Relaxed 

tensile moduli, 𝐸𝑒, were calculated based on the final applied stress after relaxation 

ceased. 
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Figure 7.1: (a) Single nanofiber tensile relaxation measurement setup and (b) diameter 

dependence of instantaneous and relaxed moduli. (a) Individual nanofibers were 

attached to AFM cantilevers via a tungsten manipulator in a dual-beam FIB. The 

fibers were pulled with the manipulator and both cantilever deflection and fiber length 

were monitored to measure applied stress and fiber strain. (b) While the elastic 

modulus of fibers with diameter >400 nm are bulk-like26-28, a dramatic exponential 

increase occurs as diameter drops below ~200 nm. The smallest nanofibers measured 

here, 65 and 72 nm, have instantaneous elastic moduli ~20 times larger than the bulk 

modulus. The relaxed moduli show two interesting phenomena: the degree of 

relaxation increases as diameter decreases, but not down to bulk-like values, and it is 

exponentially increasing as the diameter is reduced, similar to that of the instantaneous 

moduli. 
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Figure 7.2: (a) Nanofiber strain measurement. During each loading, in addition to the 

cantilever deflection, the fiber length is measured and converted to applied strain. (b) 

Cantilever deflection during elastic modulus measurement. The nanofiber is attached 

to the edge of an AFM cantilever and pulled. The deflection measured is converted to 

stress applied to the fiber for each loading step. 
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Figure 7.3: Stress-strain curve for single ~200 nm diameter nanofiber. The measured 

cantilever deflection and fiber length are converted to stress and strain on each fiber. 

The slope of the linear portion of the stress-strain curve is the nanofiber elastic 

modulus. Since the measurement is done quickly (within ~1 minute), the modulus can 

be considered instantaneous. Dashed red lines represent upper and lower bounds of the 

linear portion of the stress-strain curve. 
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7.3 Measured modulus and stress relaxation 

Instantaneous and relaxed tensile moduli were measured for nanofibers of 

diameters ranging from 713 to 65 nm (Figure 7.1b), and were found to both 

exponentially increase as fiber diameter decreased. This observed dramatic increase is 

similar to moduli previously measured in other polymer nanofibers upon size 

reduction5, 12, 13, 24, 29-32 as well as in drawn polymer mats33. Fibers with diameters 

larger than ~400 nm exhibit moduli consistent with that of bulk Nylon-1126-28, ~0.6-

1.5 GPa, whereas the thinnest nanofiber, with diameters of 65 and 72 nm, had 𝐸𝑖𝑛𝑠𝑡 as 

high as 14.5±2.5 and 17.4±2.3 GPa, respectively, which is a ~20-fold increase over the 

bulk value. A critical diameter of ~200 nm is observed for the onset of the exponential 

increase in the tensile modulus which is similar to the ~500 nm observed for Nylon-

6,634, 35, compared to the lower ~50 nm for polypyrrole nanotubes29 and higher ~800 

nm for electro-spun polystyrene36. Interestingly, the relaxed moduli, 𝐸𝑒 , exhibit a 

similar, albeit suppressed, exponential increase, indicating that some non-relaxing 

portion of the fiber (from the elastic or crystalline content) contributes to the increased 

tensile modulus. The deviation between 𝐸𝑖𝑛𝑠𝑡  and 𝐸𝑒 , which also increases as the 

diameter is reduced, indicates that the relaxing (amorphous) component of the fiber 

still accounts for an appreciable amount of the enhanced stiffness, at least initially. 

The relaxation which led to the eventual stiffness reduction was examined by 

measuring stress relaxation in fibers of diameters ranging from 516 to 65 nm over two 

hours. The supported stress over time was found to significantly correlate with fiber 

diameter, as seen in Figure 7.4 where the stress supported by the fiber was normalized 

by the initial stress, 𝜎/𝜎0. No stress relaxation was detected for ~500 nm diameter 
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nanofibers, however, the relaxation steadily increased as diameter decreased with the 

total stress supported by the 65 and 72 nm diameter fibers reduced to ~60% of the 

starting stress after only 20 minutes. Such stress relaxation is a well-known 

viscoelastic property of polymers, though the relaxation we have observed in the 

smaller diameter fibers is very fast comparatively. We must note that though no 

relaxation was seen in the largest diameter nanofibers, it is possible that they would 

follow a bulk-like relaxation process which may take much longer time scales to 

observe than allowed in the current experimental setup. This, however, indicates that 

the fast relaxation process is a symptom of the size reduction, most likely from 

increasingly confined amorphous regions present between the crystallites.  

 

 

Figure 7.4: Stress relaxation in individual Nylon-11 nanofibers. The time-dependent 

stress normalized by the initial stress, 𝜎/𝜎0, was measured over a two-hour period, 

with measurements taken every five to ten minutes. Fibers of diameter ~500 nm show 

no relaxation over the measured time period, however, as diameter is reduced, stress 

relaxation increases, with stresses reduced to ~60% of the initial stress in the thinnest 

fibers. Legend lists nanofiber diameter for each relaxation measurement. Solid lines 

are fittings to the data based on a viscoelastic standard linear solid model. 
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7.4 Size-dependent relaxation in other polymers 

This is similar to other size-dependent properties of polymer nanofibers which 

are believed to stem from confinement of polymer chains near surfaces and in 

amorphous regions5, 10, 23, 30 and reduced polymer chain entanglement24, 37. 

Confinement induced orientation of polymer chains and chain dis-entanglement, 

specifically in the amorphous regions of fibers are ideal for enabling molecular 

relaxation processes. It has been observed that while large diameter fibers are 

comprised of densely packed, misaligned lamellar structures connected by relaxed 

amorphous tie molecules, smaller diameter fibers consist of a fibrillar structure with 

alternating crystallites and extended amorphous tie molecules.12 This is somewhat 

similar to the structure of the Nylon-11 nanofibers in this study, which were found to 

have increased crystallite orientation and size as well as increased orientation and 

confinement of connecting amorphous tie molecule regions. Many recent studies have 

also observed the formation of a core-shell structure in electrospun fibers caused by 

quick solvent evaporation at the fiber surface during formation, which leads the 

polymer matrix to solidify in a non-equilibrium state.24, 32, 38, 39 It has also been found 

that the process creates a preferred orientation for polymer chains in the shell layer, 

whose thickness is independent of fiber diameter32, and prevents polymer chain 

relaxation, leaving them in a partially disentangled state.31, 38, 39 These structural 

observations clearly show that as fiber diameter is reduced, the exponential increase in 

polymer chain orientational alignment and increasing volume fraction of partially 

disentangled chains will increase molecular mobility, which should manifest as 

strongly size-dependent mechanical relaxation, similar to what we have observed here. 
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7.5 Viscoelastic model of stress relaxation 

To better understand the implications of this size-dependent viscoelastic 

behavior, we analyzed the measured stress relaxation as the behavior of a viscoelastic 

standard linear solid (SLS). In this model the modulus is time dependent and 

follows  𝐸 = 𝐸𝑒 + 𝐸𝑟 ∙ exp(− 𝑡 𝜏⁄ ) , where 𝐸𝑒  and 𝐸𝑟  are the elastic and relaxing 

contributions to the modulus, 𝑡 is time, and   is the relaxation time constant associated 

with the dissipative process. Since 𝐸𝑖𝑛𝑠𝑡 = 𝐸𝑒 + 𝐸𝑟 = 𝜎0 𝜀⁄  and   is approximately 

constant, we can relate the normalized stress and modulus as 𝜎 𝜎0⁄ = 𝐸 𝐸𝑖𝑛𝑠𝑡⁄ . 

Furthermore, we can define a parameter, 𝛽 , relating our measured saturated stress 

relaxation to the moduli components as  𝛽 = lim
𝑡→∞

𝜎 𝜎0⁄ = 𝐸𝑒 (𝐸𝑒 + 𝐸𝑟)⁄ . The stress 

relaxation for the SLS model then follows 𝜎 𝜎0⁄ = 𝛽 + (1 − 𝛽) ∙ exp(−𝑡 𝜏⁄ ), which 

has been fit to each set of nanofiber relaxation data sets (shown as the solid lines in 

Figure 7.4). From this we can define the amount of relaxation as for each nanofiber as 

1 − 𝛽 (Figure 7.5a), where the relaxation is linearly correlated with the fiber diameter, 

compared to only a weak correlation with the initial applied stress (Figure 7.6). 
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Figure 7.5: Diameter dependent (a) stress relaxation and (b) relaxation time constant. 

The relaxation and time constants were calculated based on fittings of the measured 

stress relaxation in Figure 7.4 to the viscoelastic standard linear solid model. (a) The 

degree of relaxation increases almost linearly with diameter reduction, starting from 

fibers of ~500 nm, for which no relaxation is observed, up to ~40% for the thinnest 

fibers measured. (b) The relaxation time constant initially decreases with decreasing 

diameter down to ~200nm, below which it saturates at ~5 minutes for all smaller 

diameters. Time constants could not be extracted from the ~500 nm diameter fibers as 

no relaxation was observed. The viscosity associated with the relaxing mechanisms of 

the fiber is initially constant down to ~200 nm and then, based on the saturated time 

constant and increasing relaxing component of the modulus, increases as the fiber 

diameter further decreases. 
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Figure 7.6: Full stress relaxation versus initial applied stress. The amount of relaxation 

is strongly dependent on the diameter of the nanofiber and not on the initial applied 

stress or induced strain. Data points are labeled by fiber diameter. 

 

 

This stress relaxation fitting also allows us to extract the time constant (𝜏) 

related to the relaxation process for each measured fiber. Since no relaxation is 

observed for the ~500 nm diameter fibers, no time constant could be extracted, 

however, we do observe a decrease in   as the diameter decreases and saturates below 

~200 nm (Figure 7.5b), from ~14 minutes for the 352 nm fiber to ~5 minutes for the 

remaining 65-221 nm diameter fibers. Based on these time constants, the viscosity (𝜂) 

of the relaxing region of the fiber, related as 𝜂 = 𝐸𝑟 ∙ 𝜏, is initially constant down to 

~200 nm. However, since   saturates for fibers below this size while the relaxing 

portion of the modulus (𝐸𝑟) only continues to increase, 𝜂 should increase as diameter 
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is further reduced. This indicates that as the nanofibers are reduced in size, they will 

display a unique combination of high stiffness and large mechanical energy dissipation 

not present their bulk form.  

 

7.6 Size-dependent stiffness and damping 

Where high stiffness is required metals are usually used and polymers are left 

to applications that require stress damping. This comes from the internal relaxation 

processes that occur in polymers due to their complex molecular structure. These 

processes involve the time dependent molecular motion that occurs within and around 

a polymer’s internal structures, such as unraveling of tie-molecules and sliding of long 

molecular chains within amorphous regions. This high damping, consequently leads to 

the low stiffness of polymers compared to metals, ceramics, and single crystal 

materials, which have low damping. However, based on the increasingly stiff moduli 

and large size-dependent degree of relaxation observed in our polymer nanofibers at 

the nanoscale, this material property tradeoff can be avoided.  

From our viscoelastic stress relaxation model, we can define the ratio of the 

relaxing and elastic moduli components as ∆= 𝐸𝑟 𝐸𝑒⁄ = (1 − 𝛽) 𝛽⁄  and define a 

dissipation capacity, ∆ (2√1 + ∆)⁄ , which represents the ability of the material to 

dissipate mechanical energy.40 As the diameters of the Nylon-11 nanofibers are 

reduced, the dissipation capacity significantly increases by a factor of ~20 (Figure 7.7) 

and while the dissipation is initially small, similar to metals, it increases even beyond 

that of other polymeric materials to levels comparable to the best recently developed 
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composite materials41. It is important to note that the damping in the polymer 

nanofibers was measured at room temperature, whereas the high performance of the 

composites is achieved at elevated temperature and performance drops as the 

operation temperature falls from 57°C to 40°C. The specific modulus also increases 

from polymer-like to near metallic levels due to the higher strength to density ratios. 

This propels the nanofibers towards simultaneously high stiffness and dissipation as 

compared to most materials, which is uncommon and highly suitable for applications 

involving vibration damping40. This is the first observation that nanoscaling of 

polymers, specifically fibers, could produce a new set of materials, tunable via size 

alone, with simultaneously high stiffness and large mechanical energy dissipation 

which would be highly desirable and useful. 
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Figure 7.7: Specific modulus versus maximum dissipation capacity. The specific 

modulus and dissipation capacity of the Nylon-11 nanofibers, calculated based on the 

measured tensile modulus and stress relaxation, is compared to other polymeric and 

metallic materials,40 as well as a state-of-the-art composite41 material. The dissipation 

capacity and specific modulus significantly increase by over an order of magnitude as 

fiber diameter is reduced, rising from low polymeric damping levels for ~500 nm 

diameter fibers to an impressive combination of specific modulus, comparable to the 

best structural metals, and dissipation capacity above that of many other polymers as 

fiber diameters are reduced below 100 nm. The thinnest fibers are even comparable to 

a state-of-the-art composite material41. The nanofibers, however, are operational at 

room temperature, whereas the composite performs best at elevated temperature and 

its performance quickly degrades as temperature drops. 

 

 

7.7 Conclusion 

While size-dependent behavior of nanofibers has been previously studied for a 

number of polymer systems, time-dependent mechanical properties of individual 

nanofibers have little to no attention even though they are important aspects of 
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polymer mechanics due to their viscoelastic nature. Here we performed size-dependent 

tensile elastic and relaxation test on semi-crystalline Nylon-11 nanofibers and found 

that stress relaxation in individual fibers is highly size-dependent, increasing 

significantly as diameter is reduced. The observed strong relaxation of ~40% occurs 

rapidly, saturating within ~30 minutes for the smallest nanofibers, which emphasizes 

the importance of considering the relaxed modulus when designing mechanical 

systems incorporating nanofibers, such as piezoelectric based devices42 and nano-

generators43-45. Furthermore, we found that the combination of significant increasing 

relaxation and exponentially increasing modulus upon size reduction leads to 

nanofibers with exceptionally high stiffness and mechanical energy damping 

properties, comparable to state-of-the-art composite materials, but operational at room 

temperature. This suggests that thin nanofibers could be ideal candidates and provide 

substantially enhanced performance for applications which involve vibration damping, 

require tough and flexible materials, as artificial tissues such as skin, or in protective 

garments. 
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Chapter 8: Conclusions and future work 

The first studies of nanoscale size effects on thermal conduction in 

nanostructures were performed almost two decades ago. However, while experiments 

on structure size in the boundary scattering regime have been successful at developing 

our understanding of the effect of reducing the phonon MFP on thermal conductivity, 

little work has been done on structures approaching the phonon wavelength, or so-

called the “phonon confinement” regime. In this regime, nanomaterial properties are 

almost entirely dictated by surface effects, which can greatly alter the physical 

properties of the material from bulk behavior. Yet only recently, in the last several 

years, have measurements on ultra-thin structures (<30 nm) gained renewed interest. 

Thanks to the extension of previous measurement techniques as well as the 

development of new ones, thermal conductivity measurements on structures of this 

size, specifically one-dimensional structures such as NWs and NTs, are finally 

achievable with sufficient accuracy.  

In this sub-30 nm size regime, many questions regarding thermal transport 

behavior remain. As structure size approaches the size of a few nanometers, the same 

scale as the phonon wavelength, surface and interface atoms will dominate the 

physical properties. Studying different materials at this range can extend our 

understanding of thermal transport, specifically at the atomic scale and possibly 

elucidate new physical phenomena, such as the observed sub-amorphous and elastic 

softening behaviors. For thin films, while thermal conductivity can be theoretically 

predicted, explanations for the experimentally measured reductions in flexural mode 

velocities are still required, as well as the effect of surface oxides and roughness on 
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elastic constants. For NWs, the behavior at sub-30 nm diameters proved difficult to 

explain, yet in conjunction with recent results of thin films and thin-shelled NTs, some 

common phenomena are present, such as reduced elastic modulus and the increasing 

importance of surface quality, through oxidation and roughness.  

Currently, more experimental effort is needed to understand thermal properties 

at sub-30 nm length scales and the effects of interfaces, surfaces, and coatings. 

Specific areas that should prove useful toward answering many questions include 

studies of: 1) core-shell NWs, specifically with ultra-thin NWs and varied coating 

thicknesses; 2) thinner NWs, in the 1-20 nm range, and of varying materials (Si, Ge, 

etc.); and 3) understanding how other nanoscale phenomena develop, such as elastic 

softening and altered heat capacity, and how these affect thermal transport. 

Specific work which should be done to answer these questions include 

measuring thermal conductivity of sub-10 nm diameter nanowires of various 

semiconductor materials. Such tests should aim to achieve one-dimensional 

conductance and measure ballistic and near-room temperature quantum of thermal 

conductance in these structures over a variety of materials. To better understand the 

effects of coatings, thermal conductivity measurements should be performed while 

varying the thickness of shell materials deposited on sub-10 nm nanowires, preferably 

with atomic precision so that the influence of the shell can be accurately measured. 

The effect of soft versus hard shells, as compared to the nanowire core material (via 

acoustic impedance), is also important and should be checked by adding ultrathin 

heavier element shells and polymer coatings to the nanowire. 
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Other sub-30 nm semiconductors materials, such as Ge, should also be studies 

for ‘sub-amorphous’ thermal conductivity, both to see if the effect is universal and/or 

at what size the effect manifests. Checking to see if the effect is still present after 

removing oxide coatings is important to understand its origin. Studying the effect of 

elastic softening on thermoelectric properties could also lead to enhanced 

thermoelectric materials (highly reduced thermal conductivity while retaining 

crystalline electric conductivity). It is also interesting to see if this phenomenon could 

be combined with other thermal conductivity reduction mechanisms, such as 

increasing surface roughness, to further reduce thermal transport. For practical 

applications, these ultrathin soft nanostructure materials could be used in flexible 

electronics, therefore studying how to incorporate them in real devices could be very 

useful. Furthermore, since the ultrathin amorphous Si nanotubes do not exhibit the 

minimum thermal conductivity, this raises the question of whether the thermal 

conductivity of amorphous Si is size-dependent, as has been recently proposed 

theoretically. This can be studied by varying the size of materials like the shell of the 

thin amorphous nanotube structures measured in this thesis. 

In light of the presence of a fluid-like surface in the amorphous nanotubes, 

there are a number of future studies of interest. How relaxation of the amorphous 

nanotubes (like the observed reduced modulus which decreased as size reduced below 

30 nm, similar to the crystalline nanostructures) affects the thermal conductivity, 

either increasing or decreasing it, could add to our understanding of the elastic 

softening. Since the creep appears to be influenced by interfaces present in the 

nanotubes, performing mechanics test on the amorphous and crystalline Si nanotubes 
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with the oxide coating removed would help elucidate the interfacial influence. 

Furthermore, temperature dependent creep testing on a-SiO2, a-Si, and c-Si nanotubes 

should be performed while also varying the nanotube shell thickness along with the 

temperature. This will clearly relate the affect temperature has on the modulus and 

thickness of the fluid-like surface. Finally, it is important to study how this creep in 

ultrathin structures affects the performance of flexible micro/nano-electronics and 

other ultrathin nanoscale devices. 

In terms of polymers, more work needs to be done to identify the sources of 

the increased thermal conductivity and elastic modulus upon size reduction such that 

rational engineering of fiber properties can be achieved. This will require 

understanding size-dependence of the structure-property relationship of thermal and 

mechanical properties (thermal conductivity, heat capacity, elastic modulus, etc.) for 

many different polymers under varying processing conditions. Specifically, a variety 

of crystalline (polyethylene), other semi-crystalline (Nylon 6,6), and amorphous 

polymers should be investigated as well as for various electrospinning conditions. 

Size-dependent stress relaxation behavior should also be studied for other polymers 

and under more testing conditions, such as frequency and temperature dependent 

responses, in order to find optimal materials and conditions under which performance 

is acceptable. Theses optimized polymer nanofibers can then be used to engineer 

functional fabric materials with combined high stiffness and toughness, tuned to 

operate under a variety of conditions. Other related properties which could be of 

interest include thermal contraction for investigating nanofiber use in applications 

such as artificial muscles.  
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Appendix A 

Figure A1: TEM and SEM images of measured ~5 nm thick crystalline nanotube 

(sample ID: C5-1): (a) shell thickness from TEM, (b) suspended sample length on 

thermal measurement device from SEM, and (c) suspended nanotube outer diameter 

from SEM. Specific geometric and thermal measurements for each sample can be 

found listed in Table 4.1. 

Figure A2: TEM and SEM images of measured ~5 nm thick crystalline nanotube 

sample (sample ID: C5-2): (a) shell thickness from TEM, (b) suspended sample length 

on thermal measurement device from SEM, and (c) suspended nanotube outer 

diameter from SEM. Specific geometric and thermal measurements for each sample 

can be found listed in Table 4.1. 

(a) (b) (c)

(a) (b) (c)
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Figure A3: TEM and SEM images of measured ~5 nm thick crystalline nanotube 

sample (sample ID: C5-3): (a) shell thickness from TEM, (b) suspended sample length 

on thermal measurement device from SEM, and (c) suspended nanotube outer 

diameter from SEM. Specific geometric and thermal measurements for each sample 

can be found listed in Table 4.1. 

Figure A4: TEM and SEM images of measured ~5 nm thick crystalline nanotube 

sample (sample ID: C5-4): (a) shell thickness from TEM, (b) suspended sample length 

on thermal measurement device from SEM, and (c) suspended nanotube outer 

diameter from SEM. Specific geometric and thermal measurements for each sample 

can be found listed in Table 4.1. 

Figure A5: TEM and SEM images of measured ~5 nm thick crystalline nanotube 

sample (sample ID: C5-5): (a) shell thickness from TEM, (b) suspended sample length 

on thermal measurement device from SEM, and (c) suspended nanotube outer 

diameter from SEM. Specific geometric and thermal measurements for each sample 

can be found listed in Table 4.1. 

(a) (b) (c)

(a) (b) (c)

(a) (b) (c)
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Figure A6: TEM and SEM images of measured ~7 nm thick crystalline nanotube 

sample (sample ID: C7-1): (a) shell thickness from TEM, (b) suspended sample length 

on thermal measurement device from SEM, and (c) suspended nanotube outer 

diameter from SEM. Specific geometric and thermal measurements for each sample 

can be found listed in Table 4.1. 

Figure A7: TEM and SEM images of measured ~7 nm thick crystalline nanotube 

sample (sample ID: C7-2): (a) shell thickness from TEM, (b) suspended sample length 

on thermal measurement device from SEM, and (c) suspended nanotube outer 

diameter from SEM. Specific geometric and thermal measurements for each sample 

can be found listed in Table 4.1. 

Figure A8: TEM and SEM images of measured ~10 nm thick crystalline nanotube 

sample (sample ID: C10-1): (a) shell thickness from TEM, (b) suspended sample 

length on thermal measurement device from SEM, and (c) suspended nanotube outer 

diameter from SEM. Specific geometric and thermal measurements for each sample 

can be found listed in Table 4.1. 

(a) (b) (c)

(a) (b) (c)

(a) (b) (c)
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Figure A9: TEM and SEM images of measured ~10 nm thick crystalline nanotube 

sample (sample ID: C10-2): (a) shell thickness from TEM, (b) suspended sample 

length on thermal measurement device from SEM, and (c) suspended nanotube outer 

diameter from SEM. Specific geometric and thermal measurements for each sample 

can be found listed in Table 4.1. 

Figure A10: TEM and SEM images of measured ~10 nm thick crystalline nanotube 

sample (sample ID: C10-3): (a) shell thickness from TEM, (b) suspended sample 

length on thermal measurement device from SEM, and (c) suspended nanotube outer 

diameter from SEM. Specific geometric and thermal measurements for each sample 

can be found listed in Table 4.1. 

Figure A11: TEM and SEM images of measured ~5 nm thick amorphous nanotube 

sample (sample ID: A5-1): (a) shell thickness from TEM, (b) suspended sample length 

on thermal measurement device from SEM, and (c) suspended nanotube outer 

diameter from SEM. Specific geometric and thermal measurements for each sample 

can be found listed in Table 4.1. 

(a) (b) (c)

(a) (b) (c)

(a) (b) (c)
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Figure A12: TEM and SEM images of measured ~5 nm thick amorphous nanotube 

sample (sample ID: A5-2): (a) shell thickness from TEM, (b) suspended sample length 

on thermal measurement device from SEM, and (c) suspended nanotube outer 

diameter from SEM. Specific geometric and thermal measurements for each sample 

can be found listed in Table 4.1. 

Figure A13: TEM and SEM images of measured ~5 nm thick amorphous nanotube 

sample (sample ID: A5-3): (a) shell thickness from TEM, (b) suspended sample length 

on thermal measurement device from SEM, and (c) suspended nanotube outer 

diameter from SEM. Specific geometric and thermal measurements for each sample 

can be found listed in Table 4.1. 

(a) (b) (c)

(a) (b) (c)




