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Abstract

The stability of ion-conductive membranes, such as perfluorosulfonic-acid (PFSA), as a
solid-electrolyte separator in energy devices is strongly linked to their mechanical properties,
characterization of which presents challenges, especially in the presence of ionic interactions.
lonomer membranes’ elastic properties are affected by cations, however, their influence on
deformation at small and large strains are relatively unexplored. In this paper, we report the
stress-strain response and fracture behavior of Nafion membranes exchanged with various
cations examined in three deformation regimes. In small-strain regime, Young’s modulus is
strongly dependent on cation size, due to reduced mobility and local stiffening of the polymer
chains. Young’s modulus, yield limit and strain-hardening modulus all increase with monovalent

cation size in the order: H* <Li* <K* <Na* <Cs", but with varying dependence. In the failure



regime, however, break strain and fracture energy of the membrane decreases in the presence of
larger cations, which promote deformation instability while decreasing plastic dissipation energy
during crack propagation, thereby leading to more brittle fracture. These results not only
demonstrate the trade-off between strength and fracture toughness, but also reveal how it is
altered by the ionic interactions, which also dictate the inverse relationship between stretchability
and stiffness. Moreover, the measured stress-strain data are reproduced by the constitutive
relations to extract parameters that are correlated to the fracture energy through craze instability.
Such relationships provide insight into how parameters extracted from tensile testing can be used

to assess membrane stability and the role of ionic interactions.

Keywords: PFSA membranes; Cations; Mechanical property; large-strain deformation; fracture

toughness; constitutive relations

1. Introduction

lon-conductive polymers, or ionomers, are a key component in electrochemical energy
conversion devices where they function as a separator and a solid-electrolyte membrane. While
the former functionality is critical to insulate electrons and separate the species that react in the
electrodes, the electrolyte functionality enables selective transport of ions necessary to complete
the reactions and is therefore directly linked to the device performance. Performance of the
ionomers as solid-electrolyte is commonly associated with transport properties, whereas their

stability as a separator is strongly linked to their mechanical stability. Thus, it is of interest to



accurately characterize the mechanical stability of solid-electrolyte membranes with a range of

mechanical properties and elucidate the factors controlling their interrelation.

One class of polymer-electrolyte that exhibits such multi-functionality is perfluorinated
sulfonic acid (PFSA) ionomers, that are widely used in polymer-electrolyte fuel cells and
electrolyzers, and redox flow batteries due to their exceptional selective ion transport properties
and chemical-mechanical stability.!: 2 This multi-functionality is accomplished within the
ionomer’s phase-separated nano-morphology comprised of hydrophilic ionic nano-domains
facilitating ion transport, and the hydrophobic semi-crystalline matrix providing mechanical
stability. PFSA consists of a chemically inert poly-tetrafluoroethylene (PTFE) backbone and
side-chain terminated with hydrophilic sulfonic acid groups (SOs). In protonated form, protons
attached to PFSA’s SOs™ groups (R- SOz™+ H™ <> SO3H) dissociate in the presence of water,
thereby giving the ionomer its inherent, hydration-dependent proton conductivity.? The sulfonic
acid groups solvated by water molecules form hydrophilic nano-domains, creating a phase-
separated morphology and governing membrane’s macroscopic properties through a structure-
property relationship.® 4 This structure-property relationship and cation-transport properties are
influenced by many factors, such as processing,> > ® ageing and degradation "8 and cationic
interactions.* %1° While majority of the studies on PFSA are based on proton-form,?
understanding the membrane behavior in other cation forms have always been of interest for it
provides a new paradigm to alter and study the nature of ionic interactions and their impact on

hydration and transport properties.



The effects of cation type on PFSA behavior manifest themselves through the ionic
interaction between mobile cation and fixed anionic site, as well as the solvation energy between
cation and solvent molecules, dielectric constant, dipole-dipole interactions, all of which
ultimately alter the ionomer’s local structure and macroscopic properties.? 12-15 17,19-23
Investigations on PFSASs in proton and other cation forms have provided insight into the ion
transport mechanisms, such as water-mediated ion transport and role of hydrogen bonding.* 1% 15
17,19,21, 2421 |mpact of a cations associated with not only its interaction strength and mobility
within the ionic region, but also the intermediate region occupied by the fluoroether side-chains,
which affect the polymer-chain segmental motion and morphology.? 1% 192328 Tg elycidate how
these interactions influence ionomer behavior, many studies focused on measuring the properties

of PFSA membranes exchanged with different cationic forms.? 4 12:13:15,19-23

The role of cation in PFSA’s structure-property relationship changes with the hydration level,
while the ionic interactions impacted by cations are dominant at lower water hydration levels,
their effect is shielded and diminished with the addition of water molecules that act like “free
water” in aqueous solutions.* 232 Exchanging a proton with a larger cation changes the physical
structure by creating transient ionic crosslinks, but introducing a multivalent cation of charge z
creates stronger ionic crosslinks by coordinating with z —-SOs"groups, per electroneutrality, which
are effective especially at low hydration.* 13 1416, 22,:29-31,33,34 T these changes in the local
environment upon cation exchange manifest themselves by altering the mobility of chains, ions,
and other species, thereby affecting not only the membrane's transport functionality, but also its
mechanical properties. While literature is abundant with studies on the impact of cation

(exchange) on Nafion membrane’s hydration® 13 17:18.:35-37 and transport properties,* 15 16 24-26, 34,



38-41 especially the changes in ion and water transport mechanisms, the studies relevant to

mechanical properties are relatively scarce.

In addition to many studies on reporting mechanical properties of proton-form PFSA and
their environmental dependence based on uniaxial tension tests®* 42® and constitutive models,**
50,51 3 few studies investigated the effect of cations on Nafion’s mechanical response.®® %2 (see
ref.2 for a review of the topic). It has been reported that Young’s moduli increases with the
cation radius (rc),* %254 and is less affected by cation valance (z), which is ascribed to the surface
area available to ionic moieties during physical crosslink formation.* 53 >* The viscosity of
Nafion studied using molecular dynamics (MD) simulations was found to be correlated with
ionic crosslinks induced by sulfonate anion-cation and related to the size of crosslink networks.>’
In addition, fracture behavior of Nafion was studied to determine its temperature-dependent
fracture toughness.*® %° Cations were shown to affect the mechanical behavior of catalyst-coated
membranes as well.> The presence of water, however, reduces the difference between the
tearing fracture energy of Nafion in proton-form and other cation forms, due to the shielding
effect of water reducing the ionic interactions between cation and sulfonate anion. Similar
observations were reported for stress relaxation behavior of cation—exchange Nafion, which was
shown to change with cations in ambient conditions,®® but found to be independent of the cation
type in water.>® Thus, the impact of ionic interactions on ionomer’s mechanical response can be
accessed better in dry state. Even though effect of cations on mechanical properties of PFSA
have been reported, the underlying mechanisms controlling their stress-strain response and
fracture behavior have not been fully understood. In particular, most studies in the ionomer

literature focused on the elastic properties, with limited investigations on the post-yield region



and plasticity, especially with the impacts of cations on properties such as toughness that are
critical to the mechanical stability. The latter phenomenon could provide more information about
the interplay between the ionic interactions, and chain deformation and mobility. Effect of ionic
crosslinks on mechanical stability have been studied for ionomeric elastomers,®® hydrogels and
biological scaffolds,®:¢ but their impact on ionomers have been limited to systems such as

sulfonated polystyrene.®”-"°

What remains to be elucidated in mechanical behavior of cation-exchanged PFSAs, and
semi-crystalline ionomers in general, is the relationship among various measured mechanical
properties, in an attempt to link stress-strain response and fracture toughness, and thus moving
beyond elastic properties and membranes in proton form. Hence, the objective of this paper is to
present an in-depth analysis of the mechanical response of Nafion, from low-strain to large-strain
deformation to fracture behavior, identify the key mechanical properties and elucidate how their

underlying interrelations are affected by the cationic interactions.

2. Experimental

2.1 Membrane Preparation
In this study, Nafion® 212 membranes were purchased in protonated (H*) form from lon

Power Inc. (New Castle, DE) with the nominal thickness of 50 um. Membranes were soaked into
0.5M (Li2SO4, Na2SO4, K2SO4, Cs2504, Fe2(S04)s and 1M (MgSOs, CuSO4, ZnSO4, FeSO4)
aqueous sulfate solutions (from Sigma Aldrich and J.T. Baker) for 48 to 72 hours under ambient
conditions to achieve new cationic forms, using the same procedure as described in a previous

study.* The size of the membrane specimens, the volume of salt solutions and the amount of soak



time were carefully selected to make sure that protons in membranes were fully exchanged with
cations, as described previously.”* Then, the membrane specimens were rinsed in deionized
water for 3 times to remove excess solution on surface and stored in deionized water until use.
The membranes were dried in vacuum oven at 60°C for at least 12 hours before testing.
2.2 Mechanical Testing

Uniaxial tests were carried out using a tensile testing machine (Instron) at room condition
(25°C and ca. 50% RH). Rectangular specimens with the gauge length of 60 mm and width of 12
mm were used. Uniaxial tensile tests were conducted under strain control with a strain rate of
0.001 s*. The specimens were stretched until it breaks, and the final break stress and strain were
recorded (Figure 1). To ensure reproducibility, at least two samples were repeated for each
condition.
2.3 Dynamic Mechanical Analysis

The dynamic mechanical properties of different cationic Nafion membrane are measured
using a dynamic mechanical analyzer (DMA) (Tritec 2000). Specimens were cut into rectangular
piece with the gauge length of 10 mm and width of 7 mm. They were tested in tension mode with
the frequency of 1 Hz. Temperature was ramped from room temperature to 400 °C with a heating
rate of 5°C/min. The alpha-relaxation temperature, Tq, was determined from the peak in tan(d)
during temperature sweep, and the storage moduli are measured at different temperatures,
including after Ta, which corresponds to the rubbery modulus, as discussed in ref.* The rubbery

modulus was determined as the storage modulus after reaching the alpha-relaxation temperature.



2.4 Double Edge Notch Tension Test
Membranes were cut into rectangular strips with the length of 40 mm and width of 20 mm.

Before testing, double edge notch tension (DENT) specimens were prepared by cutting along the
width direction from edges using a fresh razor blade. The remaining length is termed as the
ligament length, I. In this study, the fracture behaviors of membranes with the ligament length
ranging from 5 to 12 mm were investigated on an in-situ tensile testing machine (IPBF-300,
CARE Measurement & Control Co., Ltd, China). The resulting load-displacement and variation
in crack length during crack propagation were continuously captured, as illustrated in Figure 1.
Detailed description can be found in our previous work.”? The double edge notch tension tests

were performed at room condition (23+1°C, 50% RH).

3. Results and Discussion

Mechanical testing methods employed in this study are depicted in Figure 1, along with the
schematic descriptions of the mechanical properties that can be determined for each deformation
mode, namely, small-strain and large-strain deformation, and fracture behavior. In addition, list
of mechanical properties that can be extracted from these tests are summarized in detail in Table

1 and will be discussed through the text.
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Figure 1 Schematic description of mechanical testing of a polymer membrane in small- and
large-strain deformation mode as well as in fracture failure mode, shown with the key
mechanical properties that can represent various deformation mechanisms. Uniaxial
tensile properties of Nafion 212 membranes in different cationic shown in the form of:

(a) engineering stress-strain response, (b) true stress-stretch and (b) true stress-plastic
stretch factor.



Table 1 List of mechanical properties that can be extracted from stress-strain and fracture tests as

well as constitutive modeling.

Parameter Testing Mode Units Description
Young’s Small-strain o )
E ] ] MPa Slope of initial linear stress-strain
modulus tensile testing
) o Stress at zero plastic strain (or elastic
Y Yield Limit MPa o
strain limit, £o)
Strength-to- ] ) o _
Y/E _ _ [Strain]  Elastic strain limit, o, where Y is set
Stiffness Ratio
Proportional Intersection of initial linear and
PLS o MPa )
Limit Stress hardening tangent (PLS ~ YY)
Hardening Large-strain
Gr _ ] MPa Slope of true stress-stretch factor
Tangent tensile testing
Instability ) Characterizes plastic deformation and
Y/Gt [Strain] ) o
Factor crack/craze instability
Obreak Break Stress MPa Maximum stress at break
ehreak  Break Strain [Strain]  Elongation to break (Stretchability)
Fracture Fracture Testing Intrinsic Fracture energy, independent
Wi MPa.mm ) )
Toughness (DENT) of ligament (crack) size
Dissipation Plastic energy dissipation in outer
l}Wp I\/IPa
Energy crack zone
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3.1 Uniaxial Tension Behavior
The stress-strain responses of Nafion membranes in different cationic forms are shown in

Figure 1(a) in terms of engineering stress and strain. It follows from the figure that as the size of
the monovalent cation increases, from H* to those in alkali metal groups (Li*, Na*, K*, Cs*),
there is a clear shift in membrane stress-strain response towards higher initial stiffness (E) and
yield stress, but with reduced break strain, ebreak. In addition, the transition from initial elastic
regime to strain-hardening becomes more pronounced with increasing cation size. Thus, the
influence of cations on deformation behavior differs in the post-yield regime, where the polymer
chains align themselves in the direction of applied load. From a molecular perspective, the small-
strain deformation corresponds to rotation of mesoscopic aggregates of polymer nano-domains,
whereas the large deformation corresponds to alignment of polymer chains and aggregates within
this mesoscale network.” ™ Such nanostructural orientation occurring in proton-form PFSA
membranes during stretching was associated with preferential alignment of the polymeric
aggregates in the direction of applied load.”*"® This nanostructural anisotropy was observed also
in Na* form,” and shown to induced anisotropy in transport properties as well.”® 7*-8 |n what
follows below, various mechanical properties listed in Table 1 will be determined from Figure 1
and discussed in terms of governing phenomena.
3.2 Small-Strain Deformation

Young’s moduli, E, calculated from the initial slope of tensile stress-strain curves increases
with increasing cation size (radius) for monovalent cations, in agreement with previous
observations.* > The deviation in Young’s modulus due to multivalent cations is much smaller

compared to significant increase in E with monovalent cation size, as shown in Figure 2. Similar
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observations are also reported by Jia et al. > at 23°C and 80°C and Kundu et al.>® Young’s

modulus increases with increasing ion radius, E o« rc, which is attributed to the increased

restrictions on polymer chain motion in the presence of larger cations.* >
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Figure 2 (a) Young’s modulus and rubbery modulus of cation-exchanged Nafion. The inset
shows the relationship between dry domain spacing, dary and cation radius (from ref.4).
(b) Relationship between proportional limit stress (PLS) and Young’s modulus in
different cationic forms showing a representation of the strength-to-modulus ratio. The
inset shows comparison of data for cation-exchanged Nafion (this work) and proton-
form Nafion in different hydration states (from ref.**4%-81) Open gray symbols show

the multivalent cations in both plots.

Larger cations not only hinder the mobility within ionic clusters, but also impose stronger

restrictions on the segmental motion of the main-chain to which they are anchored. In fact, large

cations could densify the local ionic regions, which can be deduced from the reduced domain

spacing in the presence of larger cations, as inferred from SAXS (inset of Figure 2(a)).* In such a

geometry, the concentration of ionic crosslinks per volume increases, which results in higher

stiffness. Hence, Young’s modulus increases proportional to the cation radius. A noteworthy

observation is that modulus for multivalent cations also fall on the same trend set by the

12



monovalent cations, which confirms the dominant role of cation size, more so than their charge,

in small-strain deformation.

As it is not trivial to identify the onset of yielding from a tensile stress-strain curve, a
proportional limit stress (PLS) describing the onset of nonlinearity is adopted first.2 4 The PLS
is defined as the stress at the intersection of the tangents to the initial linear regime and the strain
hardening regime of the curve? 82 82 (Figure 1a). The PLS of Nafion also increases with
increasing cation radius, in a similar fashion with Young’s modulus. In fact, when PLS is plotted
against Young’s modulus, all data points fall on the same line regardless of the cation type
(Figure 2). Such an inter-dependence implies an underlying deformation mechanism that governs
both the elastic regime (modulus) and the onset of nonlinearity (PLS). Thus, assuming that PLS
is a fair representation of the yield stress, ov, the slope of this line can be interpreted as a
strength-to-modulus ratio, PLS/E = ov/E, a metric that can be interpreted as the elastic strain
limit, 0 = ov/E = 0.03. Moreover, a similar relationship between PLS and Young’s modulus of
Nafion can be obtained,? from the data measured at different temperature and relative humidity
(RH) values.? #4981 Our data extend this relationship to other cation forms, revealing that the
elasticity and yielding can be described by a similar mechanism related to the small-strain
deformation of polymer aggregates within the ionomer network. In particular, exchanging proton
with other cations increases both PLS and modulus by preserving the membrane’s intrinsic

strength-to-modulus ratio and elastic strain limit, eo = ov/E.
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3.3 Large-Strain Deformation

3.3.1 Constitutive Model
Next, we will adopt a constitutive model to examine how cations alter large-strain

deformation behavior of a Nafion membrane and identify the governing phenomena in terms of
cation interactions. Haward and Thackray®* 8 proposed a constitutive model for large-strain
deformation of semi-crystalline polymers based on the notion that the strain-hardening modulus
determined from tensile experiment at room temperature is governed by the entanglement
density, which is determined by rubbery plateau modulus, Er, measured from melt rheology. The

model is expressed mathematically as:

a=Y+GT<A§,—1/Ap> Ay=1+g,=1+e —g 1)

where A, is the plastic stretch ratio, €, is the plastic strain, Y is the yield limit (at zero plastic
strain) and Gr is the hardening tangent (modulus). The plastic strain can be linked to total
(measured) strain, g, using the elastic strain limit, € (see Figure 2). Notably, this model captures
the large-strain deformation once the yield point (Y, €) is determined and the plastic strain is
calculated accordingly. It must be noted that yield limit extracted from this model gives very

similar values to the PLS described in the preceding section (See Figure S1 in Sl).

It was previously reported that the Haward-Thackray model could reproduce the stress-strain
response of proton-form Nafion, in dry and hydrated state,*® and PTFE.® To examine this
model’s ability to capture the large-strain deformation of cation-exchanged Nafion membrane,
the engineering stress-strain data shown in Figure 1 are converted to true stress, ctrue = o (1+¢),

and plotted as a function of stretch ratio, Ap, and stretch factor, Ap? — 1/Ap (Figure 1b-c). In the
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latter plot, stress shows a linear increase with stretch factor with a slope representing the

hardening tangent, G, which increases with increasing cation radius (Table S1).

For semi-crystalline polymers, the entangled network of polymer chains intertwined with the
crystallites is the origin of strain hardening behavior, where further stretching of polymer chains
begin to limit their mobility and ability to orient in the direction of applied load, thereby creating
additional resistance to deformation, as shown for other polymers,®” including PTFE 88 in
addition to PFSAs.2 4350 |n PFSAs, it is primarily the crystallites that act as (physical) crosslinks
within the ionomer’s network and imparting its stability.> * ”® However, introduction of cations
induce ionic crosslinks by interacting with poly-anion sites.? Together, these physical crosslinks
(crystallites) and ionic crosslinks create a local morphology that is physically similar to an
entangled semi-crystalline polymer network in terms of deformation, but one that also resembles
to double-network hydrogels, in terms of the role of ionic crosslinks. As the mobility of polymer
chains between crosslinks is limited, the increased crosslink density increases the mechanical
strength, as also observed in other sulfonated ionomers®” % /0 and hydrogels®? 53¢ in the
presence of ions. Thus, strain-hardening of the PFSA is attributed to the higher resistance to
deformation arising from the orientation of semi-crystalline polymer aggregates, the mobility of

which is mediated further by the ionic interactions (Figure 3).

While the ionic interactions could be associated with the electrostatic interactions or dipole-
dipole interactions, their true nature is more complex and influenced by a number of factors,
including the cation-water interactions (e.g., solvation shell of the cations, number of water

molecules), ionomer-cation interactions (e.g., interaction strength) as well as the local structure

15



of ionomer (e.g., distance between adjacent sulfonate anions).? 13 15 17,19, 20, 89-92 Tha [atter
represents the inter-ionic group distance and depends on the conformation of the backbone and
side-chain, which are altered upon ion-exchange. A consequence of this effect is the reduced
spacing of the ionic domains in membrane (Figure 2b, inset).* 18 %3 Recently, Crothers et al.%*
demonstrated that ion partitioning and equilibrium in Nafion ionomers requires an ionic
solvation framework that treats the solution-like non-idealities resulting from hydration,
electrostatics, ion association, and physical interactions within and external to the ionomer’s
hydrophilic domains. Thus, ionic interactions in Nafion cannot be easily attributed to a single
factor, even though the strength of these interactions scales with ionic radius, at least for
monovalent cations studied herein, and Lewis acid strength (LAS) could be used as a proxy for
ion radius. For this reason, cation radius is used as the key descriptor in this study. For example,
in the case of R-SOs *Cs*, the total radii of the ions becomes comparable to the separation length
of the adjacent ions, which along with the low hydration number for Cs*, cause significant
deviations in local interactions. In fact, for this reason, Nafion-Cs™ has been considered a special
case and studied in several studies,> 17 1920.89,90,95,96 \yhjch suggested Cs* and similar heavy
cations are located within close proximity of the SOz ions,*”1* % result in a denser local
structure,* 1”1 and strong association of the Cs* with its conjugated base (fixed ionic groups)
exhibit covalent-bond like character.'® The focus of this study is how these changes impact

1onomer’s mechanical behavior.

To further examine this role of ionic interactions, we measured true stress-stretch factor for
Nafion exchanged with multivalent cations (Figure S3). Stronger ionic crosslinks formed by the

divalent cations by bridging the multiple poly-anionic groups (i.e., R- SO3" « M*" « SO3™-R)

16



(Figure 3). Interestingly, variation in mechanical response due to multivalent cations (charge
effect) is smaller than that observed among the monovalent cations (size effect). In fact, most of
the stress-strain curves for Nafion exchanged with multivalent cations is enclosed between the
two curves formed by Li*- and Na*-form membrane. Considering the radii of the multivalent
cations studied here are also between the radius of Li* and Na*, suggests that deformation
behavior is controlled more by the cation size than the valance, although the latter still has a
contribution. Such an effect could be attributed to changes in the physical network of polymer
aggregates, wherein their inter-connectivity of the aggregates is modulated by the ionic
interactions. For instance, in a MD study, the connectivity of Na* system was found to be higher
than that of Ca?* system, despite the stronger crosslinks in the latter.>” These factors collectively
determine the viscosity and the strain-hardening behavior of PFSA, which is relatively
comparable between different cations forms, as shown in Figure S3. Hence, our findings support
the notion that cation size result in a more pronounced change in large-strain deformation of

ionomers than does the cation charge number, z.
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Figure 3 Pictorial description of deformation mechanisms in cation-exchanged PFSA ionomer
membrane governing its stress-strain behavior in small-strain (elastic) regime and large-
strain deformation (post-yield with hardening). Hardening modulus (Gt) of ionomer is
characterized by contributions from stretching of polymer domains (represented by
rubbery modulus, Er) and ionic interactions (represented by a function, f(ion), which is
inversely proportional to the cation radius).

18



3.3.2 Strain-Hardening Mechanism
Strain hardening can be characterized by either the strain-hardening modulus, En, extracted

from the slope of stress-strain curve at larger strains (as shown in Figure 1), or the hardening
tangent, G, described above. In the ensuing discussion, Gt will be used to represent hardening

(Eq. (1)), noting its similar trend to the hardening moduli (i.e., Gt ~ En) (Figure 4).

T T T S T T
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@ Strain-Hardening Modulus, E, B> & Young's Modulus, E ®
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Figure 4 (a) Comparison of strain-hardening modulus, hardening tangent modulus and rubbery
modulus as a function of ion radius. (b) Relative change in Young’s modulus, PLS and
hardening tangent moduli as a function of cation radius with respect to the reference
values for H*-form membrane. Data shown for monovalent cations (filled symbols) and
multivalent cations (open symbols).

Gr is related to the network density in semi-crystalline polymers during plastic flow, the
origins of which was proposed to be similar to the decrease in configurational entropy of
polymer chains above their transition temperature.®* To examine the physical meaning of the Gt
in a PFSA, it is compared with modulus of membrane in rubbery state, E:, obtained at a
temperature higher than the ionomer’s alpha-transition temperature (T,), which marks the onset

of destabilization of the ionic network.®” For this reason, membrane rubbery modulus remains
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constant with no apparent dependence on the cation radius, as shown in Figure 2(a), where the
weakening of the ionic interactions mobilize the chains enough to facilitate their morphological
rearrangement to overcome the restrictions imposed by the ionic crosslinks and interactions.? *
10.98,99 | the absence of ionic interactions, Er account for only the entanglement density induced
by physical crosslinks (Figure 3). Er for Nafion is around 2.5 MPa, which is lower than Gr, but
similar to equilibrium modulus value of 3 MPa reported by Patankar et al.1°® %! based on long-

term stress relaxation test and time-temperature superposition.

Figure 4a shows that while Er remains constant, Gt increases with cation size, and the
difference between the Gt and Er then can be associated with the resistance driven solely by the
ionic interactions during deformation. Thus, hardening behavior of Nafion is governed by the
plastic flow of the polymer aggregates in the absence of ionic interactions (Er), with an additional
resistance caused by the interactions between poly-anions and cations (Gt — Er) (Figure 3). The
strength of this interaction between the sulfonate anion and cation increases for metal-alkali
cations and multivalent cations, which can be quantified by either the cations radius the Lewis
Acid Strength (LAS).2 4 14102 The stronger the anion-cation interaction strength (e.g., as in R-
SOz « Cs™), or the higher the cation size, 7, the stronger their contribution to hardening via ionic
crosslinks. This is demonstrated by the linear correlations between the hardening parameter (Gt
— Er) and LAS, which can be mathematically expressed as Gy (ion) — E, o< 1. « 1/LAS (Figure
5). In the absence of any ionic interactions (v, — 0), the hardening behavior will be simplified to
that of a system of polymer aggregates whose deformation is governed by entanglements and
physical crosslinks. It must also be noted that, cations with large radius have lower surface

charge density, which could weaken the distribution of interaction with fixed anions,?° thereby
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underscoring the role of the physical size of the cations acting as inclusions from mechanics
perspective. Hence, replacing protons with an alkali cation results in a convoluted impact on
deformation; by increasing the strength of ionic interactions and restricting local movement of

aggregates through its size.
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Figure 5 Difference between hardening modulus and rubbery modulus (Gt — Er) plotted as a
function of the cation’s Lewis acid strength (inversely proportional to the cation radius)
demonstrating the additional contribution from the larger cations with stronger ionic
interactions to the hardening behavior of polymer during large-strain deformation.

Lastly, replacing H* with other cations in Nafion causes negligible change Er (~10%) but
result in a two-fold increase in Gt (Figure 4). This could be explained by the higher number of
water molecules per ionic group, H20/SOs, in H" form in the presence of a hydrogen-bonding

network.* With the ease of dissociation and delocalization of protons (R-SOsH+*H20 — R-

SO3H+(H20) ), polymer chains in H*-form membrane attain higher mobility and therefore could

slide and extend with relatively less resistance during stretching. The fact that such increase
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occurs even for Li-form membranes, where the Li* radius is comparable to H*, underscores the
intriguing role of hydrogen bonds in reducing the ionomer’s resistance to deformation at larger
strains by facilitating chain motion and sliding (beyond yield point). Our findings on the role of
cations and H-bonded network on deformation of semi-crystalline ionomers complement studies

on similar effects in deformation of amorphous hydrogels.®? 103104

A similar behavior is also observed for other glassy polymers which exhibit higher strain
hardening modulus compared to rubbery modulus due to reduced chain mobility.®* 1% When a
polymer is stretched in the glassy state, a limited number of entropic configuration states is
available for chains, in sharp contrast to the thermally-induced main-chain segmental mobility
obtained in the rubbery state. Hence, the differences between hardening modulus and rubbery
modulus of semi-crystalline polymers were attributed to their crystallinity, physical crosslinks
and engagement density, as discussed in ref.3* Our results herein lend credence to contribution by
ionic crosslinks to deformation of an ion-containing semi-crystalline polymer below and above
its transition temperature, which, in this case, is the ionic a-transition temperature, T.

3.4 Elongation to Break and Failure

Figure 6a shows that break strain, en, decreases with increasing cation size (rc) resulting an
inverse relationship between E and the break strain, ep. Thus, a trade-off between modulus, E,
and extensibility is observed for Nafion as shown in Figure 6(b), showing that an increase in
stiffness of Nafion can be achieved via ionic crosslinks, but at the expense of reducing
extensibility. This confirms the interrelation of extensibility (ductility) and modulus (stiffness);
the stiffer the ionomer (due to cationic interactions), the lower its extensibility. Such a finding

reveals the existence of a relationship between strength and ductility, which is an omnipresent

22



phenomenon found in many materials, including metallic materials, ceramic materials, polymeric
materials, composite materials and biological materials.1%: %7 In polymers, this trade-off is
attributed to the interplay between the increasing flexibility of chains leading to low stiffness and

high stretchability. 86 87,108
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Figure 6 (a) Elongation to break of cationic Nafion membranes as a function of ion radius, rc; (b)
relationship between elongation to break and Young’s modulus. Each data point
represents a different measurement, and monovalent and multivalent cations are shown
in filled and open symbols, respectively.

3.5 Fracture Behavior and Toughness

Toughness describes a material’s resistance to fracture which also represents the deformation

energy accumulated in the material during a tensile test. Hence, the area encompassed by stress-

strain curve is integrated to determine the strain energy density AW ¢ = fogb”“" ode, which

represents toughness. Toughness of cation-exchanged Nafion membranes in dry state are

comparable with a strain energy density value of ~25 MJ/m? (Figure S4). This is because the
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increase in strength with cation-driven restricted chain mobility is accompanied by a reduction in
the break strain, which eventually leads to comparable strain-energy density values. The origin
of mechanical toughness in dispersion-cast Nafion membrane is found to correlate best with the
chain entanglement, instead of crystallinity.% Considering that cations have negligible impact
on PFSA crystallinity,* underscores the role of network changes in deformation more than the
semi-crystallinity.* Hitherto, only a few studies investigated the underlying mechanisms
controlling toughness in ionomers and the role of ionic interactions. Bellinger et al.” compared
the tensile fracture properties of sulfonated polystyrene ionomers at low ion contents neutralized
with different cations and found that replacing monovalent Na* ions by divalent Ca?* ions
resulted in a 37% increase in toughness. However, the difference between their experiments and
this study is that the sulfonated polystyrene ionomers failed by craze formation at a very small
strain of 3%, while the PFSA break at a much larger strain (>100 %) and possibly a different
deformation mechanism. To examine the underlying nature of failure mechanisms, effect of

cations on fracture behavior of Nafion is examined.

24



12 T T T T T
— H+
—_— Li+
—— Nat
/1 o
8 | i
z )
o e
- /
©
O
|
4t _
0 1 1 1 1 1
0 0.5 1 1.5 2 25 3

Displacement, 6 [mm]

Figure 7 Load-displacement curves of Nafion membrane in monovalent cationic forms.

The load-displacement curves of Nafion membrane in different cationic forms at the same
ligament length of 9.5 mm is shown in Figure 7. For H"-form membrane, the load gradually
decreases after reaching the maximum value, whereas for the other monovalent cationic
membrane, the load exhibits a sudden drop after reaching the maximum value. In addition, the
larger the radius of the cation in Nafion, the higher the load and the smaller the displacement. As
the maximum load point corresponds to ligament yielding, the maximum load follows a similar
trend with the yield stress (). It should be noted that the maximum load point also corresponds
to crack initiation, and the unloading part corresponds to crack propagation,’? the sudden load
drop of monovalent cationic membranes indicates a brittle fracture mode, whereas the gradually

loading drop of H*-form membrane indicates a ductile fracture mode.
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To calculate the fracture resistance during crack initiation and propagation, the essential
work of fracture (EWF) method is adopted where the contributions to the total fracture energy
can be determined by collecting for various ligament (and crack) lengths. Detailed description of
this method can be found in reference.'*® When the specific work of fracture is plotted as a
function of ligament length, as shown in Figure 8, the intercept at zero ligament length, we,
represents fracture toughness, while the slope Bwp corresponds to energy dissipated in the outer
plastic zone. Thus, the fracture energy can be mathematically described as wr=we + Bwp,
corresponding to the energy dissipated for yielding and tearing, respectively (Figure 1). It can be
observed from Figure 8b that the slope Bwp decreases with increasing cation radius, indicating
smaller dissipated energy in the outer plastic zone, which corresponds to more brittle fracture
mode. In H*-form, ionomer shows the largest slope, and the higher intercept, which pinpoints a
more ductile fracture behavior, where the hydrogen-bonded network likely helps maintain water
molecules within their primary solvation shells and modulates dissipation of energy via plastic
deformation (Figure 9). This change in fracture mode is confirmed by the examination of the
fracture surfaces, which revealed distinct patterns: H*-form membrane exhibits narrow striations
almost parallel to crack growth direction, whereas these markings become wider and orient in
perpendicular direction for the membrane in Li*, Na*, or K* forms, indicating a transition from
shear yielding to craze formation (Figure 9). Thus, fracture surface of the ionomer changes with
increasing cation radius, in accordance with the faster crack propagation and brittle fracture

mode.
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Figure 8 (a) Relationship between specific work of fracture and ligament length for membrane in
different cationic forms. The solid lines are linear fitting to experimental data. (b)
Comparison of Bwp for membranes in different cationic forms.
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Figure 9 (a) Relationship between Bwp (dissipated energy from fracture tests) and Y/Gr (craze
instability parameter from stress-stretch tests) for Nafion exchanged with various
monovalent cations. Data are for Nafion in ambient conditions at 25°C. (b)-(c) are
cross-section morphologies of H*-form and Na*-form membranes after DENT tests,
respectively.
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A few studies in the literature investigated the factors affecting fracture behavior of
ionomers: Higher tensile strength and fracture energy of sulfonated polystyrene ionomers was
reported upon changing cations from monovalent Na* to divalent Ca?*, which was ascribed to the
divalent cations’ ability to form a stronger crosslinked network with higher stability of crazes, a
precursor of crack.6”%° A similar argument can be made for the ionomers studied herein to
suggest that the craze stability in Nafion is controlled by cationic interactions, which govern
large-strain deformation plasticity of the membrane. The interplay between the plastic
deformation and fracture mode in cation-exchanged Nafion can be analyzed in light of crazing
phenomenon. In polymers, crazing, is one of the precursors for crack and represents a region of
highly localized plastic deformation of the polymer chains. Thus, a craze can be treated as an
assembly of micro-necks with localized deformation. Therefore, break strain, to a large extent,
governed by the stability of craze, which depends on the plastic stability and necking behavior of
the polymer.2> 1t According to Haward and Thackray constitutive model (Eq. 1), for plastic
instability and necking to occur, the Considere’s condition should be achieved which gives Y >

3Gt.% The Considere’s condition relates engineering stress to the conditions for necking, which

gives A, - 1,2 < 0, where —2 = G, (1 + %) — 2 Under such condition, the ratio Y/Gt
dAy dAy ) A

might be considered as the parameter to characterize the relative stability of craze; the larger the
Y/Gr value, the lower the stability of the craze, as discussed in ref.?® and also in Kramer’s earlier
works.112 113 Y/Gr for Nafion increases monotonically with the alkali cation radius, as shown in

Figure 10a, where the for H*-form membrane is an outlier with a relatively stable crack growth.
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Figure 10 (a) Y/Gr as a function of cation radius; (b) relationship between break strain and Y/Gt
for monovalent cations (filled symbols) and multivalent cations (open symbols).

Recalling that break strain also decreases with increasing cation size, a relationship between
break strain and Y/Gr can be constructed (Figure 10b). The break strain decreases rapidly with
increasing Y/Gr as the cation size increases in Nafion, which affirms that craze instability (i.e.,
large Y/Gr) could be responsible for reduced extensibility. Even though the Y/Gr values are all
smaller than 3, which is below the critical value of plasticity instability, they can nevertheless be
used as proxy for failure.® 8114115 | fact, origins of fracture in cation-exchanged Nafion can

be better understood from examining the inverse relationship between pwp and Y/Gr (Figure 9).

Bwp decreases with increasing Y/Gt, which corroborate that the ionomer dissipates reduced
energy in the outer plastic zone of the crack, in accord with increasing craze instability (Y/Gr).
In the presence of large cations interacting strongly with the sulfonate anions, the ionomer’s
ability to dissipate its energy through plastic deformation and by stabilizing crazes is diminished,

which results in a brittle fracture mode with low extensibility. This highlights the role of ionic

29



interactions in modulating the post-yield hardening and fracture behavior through craze
formation and instability. Moreover, our results also provide into exploring and understanding
the role of ionic interaction in an ionomer’s failure type (brittle vs. ductile) and constitutive

response and how they can be related by an appropriate analysis of a uniaxial tensile test data.

It is interesting to note that the H*-form polymer does not follow any of the trends discussed
above, implying, once again, the role of hydrogen bonds, which helps stabilize the deformation
and enhance the stretchability of the polymer network. Recalling that in Section 3.3, the
hydrogen bond could facilitate chain mobility and sliding, and therefore reducing deformation
resistance beyond yield point. On such basis, the fracture resistance of H*-form membrane is
achieved through large plastic deformation ahead of crack tip, alleviating crack-tip stresses and
exhibiting ductile fracture behavior. For other monovalent cations in the membrane, due to the
large deformation resistance, plastic deformation at the head of crack tip is restricted, thereby
leading to a brittle fracture pattern.

3.6 Summary: Role of Cations in Deformation

Figure 11 summarizes the properties determined from tensile and fracture tests change with
cations. Of all the properties measured, with increasing cation size, Young’s Modulus (E) and
yield stress (Y, or PLS) increase whereas the yield strain, or strength-to-stiffness ratio (Y/E)
decreases slightly. A universal relationship exists between E and Y (Figure 2), which marks the
onset of nonlinearity in stress-strain curve, indicating interrelated mechanisms controlling the
elasticity and yielding through the ionic interactions. As for the parameters representing large-
deformation, larger cations enhance resistance to plastic flow thereby increasing the strain-

hardening (Gr), while reducing the break strain, ebreak, and increasing craze instability (Y/Gr). In
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fact, increase in instability in the presence of metal alkali cations are linked to change in fracture
mode. In H*-form, Nafion exhibit ductile deformation with high fracture toughness and energy
dissipation, which is similar to H-bond driven increase in toughness observed in hydrogels.1%3 104
116,117 Upon replacing H* with other metal alkali cations, Nafion exhibit similar ratio of yielding
to tearing with features that are more indicative of brittle fracture, which also limits extensibility.
These correlations across the deformation regimes explain the origins of the inverse relationships
between extensibility and stiffness (E vs. eoreak, Figure 6), and between fracture toughness (wr,
Bwp) and craze/necking instability (Y/Gr), governed by ionic interactions (Figure 3). While these
are seemingly semi-empirical relations, they nevertheless provide physical insights into the
nature of (in)stability in polymers. In fact, changes in fracture behavior in the presence of cations
were previously observed for sulfonated polystyrene®” %% 70 and hydrogels,5 53-% put this study
unravels the impact of cations on both deformation and fracture of PFSAs. To better delineate
mechanisms during deformation, E, PLS and Gt are normalized relative to their values for H*-
form membrane and plotted as a function of cation radius (Figure 4), which show similar cation-
dependence. The normalized Gt follows the same trend as Young’s modulus (E) for monovalent
cations, but deviates for multivalent cations at a given rc. This indicates that cation size is the
predominant factor in small-strain regime, whereas for large-strain deformation, deviation in
strain-hardening for multivalent cations underscores the role of ionic crosslinks in restricting the
orientation of the polymer aggregates further during stretching. Even though the effect of water
content on segmental dynamics cannot be ruled out completely, the overall water uptake is less
than 3 water molecules per sulfonic acid group of the ionomer (Figure S3). While hydration

affects the mechanical properties,®* 43474951 for the low hydration conditions studied herein,
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water molecules are still strongly interacting with the ionomer moieties and can under strong
influence of ionic interactions. Under such conditions, most of the water molecules are strongly
interacting with, or bound to, the ionic groups and likely to be part of the hydration shell of the

jons? 15 17,19,95,118, 119 (See ES], Table S1). Thus, it is not trivial to separate the effect of water

and effect of ions, due to the coupling among, SOs™ ions, of water and counter-ions.
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Figure 11 Comparison of measured or calculated mechanical properties of cation-exchanged
Nafion membrane plotted as a function of radius of the cation in three distinct
deformation modes (from top to bottom row): small-strain deformation, large-strain
deformation with hardening, and fracture behavior.
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In light of these findings, we posit that the constitutive model for semi-crystalline polymers

(Eg. (1)) could be modified to describe the deformation behavior of cation-exchanged polymers:
€€e (2

€ >¢gyp 0 >Y(ion)—>(3)whereA, =1+¢g, =1+ (- &), and g is strain at
yield (Y). The functional dependencies of E(ion), Y(ion), and G (ion) are due to their increase
with increasing ion radius. Hardening tangent is expressed as superposition of Er and function of
cation radius: To summarize, cations impact Nafion’s mechanical behavior in three distinct
deformation modes. At small-strain deformation, the ionic interactions between cations and
sulfonate groups act as cross-links that reduce the mobility of the surrounding polymer chains
and hinder their movement. Once the yield point is exceeded, the ionic interactions and
associated physical crosslinks are disrupted partially, such that their impact on backbone-chain
alignment with hardening is diminished. For small-strain deformation, higher Young’s modulus
and PLS of cation-exchanged membranes are induced by restricted chain mobility. For large-
strain deformation after yielding, the increased strain-hardening modulus is due primarily to the
larger cations with stronger interactions, thereby restricting the mobility of polymer aggregates
and stabilizing the chain entanglements in the network. A secondary minor role of the cations in
deformation comes from the valance effect, which creates stronger ionic crosslinks between the
polymer aggregates in the network by further restricting their motion during stretching. The fact
that the effective radii of multivalent cations vary in a smaller range compared to the radii of
monovalent cations, allows for isolating the size and charge effects. Our results indicate that the
cation size has a stronger impact on mechanical properties and deformation, than does the charge
effect. The impacts of cations on deformation of ionomers are illustrated in Figure 3. These

results not only confirm the suitability of the proposed constitutive model to capture large-strain
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deformation but also highlights the interrelation between plastic deformation with hardening and

mechanical toughness through fracture energy and instability.

4. Conclusions

This study investigates the stress-strain response of Nafion membrane exchanged with
cations with a focus on the underlying origins of the factors controlling the deformation and
fracture mechanisms in the membrane. The measured stress-strain data are reproduced using a
constitutive model, from which a set of properties is extracted and related to fracture toughness

in the presence of ionic interactions. The key findings can be summarized as:

(1) For small-strain deformation, Nafion membrane’s Young’s moduli are impacted
primarily by cation radius, whereas for large-strain deformation, the strain-hardening moduli
show dependence on both cation size and charge, with a relatively smaller contribution from the

latter.

(2) Below ionic-transition temperature, the membrane’s Young’s modulus and storage
modulus are impacted significantly by the cation size, which increases the stiffness of the
polymer network. However, above this temperature, the membrane enters a rubbery regime with
the disintegration of its ionic network, and its rubbery modulus, Er, does not change with cation
type. Also, a linear relationship exists between Young’s modulus and Yield limit, revealing the
inter-dependence of deformation mechanism controlling the elasticity and yielding through the

cationic interactions.

(3) The strain hardening modulus, Gr, is dependent on ionic interactions and also correlates

well with the rubbery modulus, Er. Thus, in this regime, large-strain deformation of the ionomer
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is governed by the alignment and stretching of polymer aggregates, in a mechanism similar to
that observed in rubbery regime, but with an additional resistance caused by the ionic crosslinks
formed between the cations and the polymer’s sulfonate anions. This contribution can be
quantitative related the cation’s radius (rc), or Lewis acid strength (LAS), leading to an

expression of the form: G;(ion) — E, « LAS « 1/r.

(4) The elongation to break values are inversely proportional to the stiffness and strength of
the membrane, regardless of the cation form, underscoring the trade-off between stretchability

and stiffness, even though the membrane’s strain energy density is less dependent on cations.

(5) From double-edge notch tension tests, H*-form membrane exhibits ductile fracture mode
while the rest monovalent cationic membranes exhibit brittle fracture mode. Such a change in
fracture mode is related to the increasing craze instability, which can be diminished significantly
in the presence of H-bond which makes the ionomer more ductile. An inverse relationship exists
between fracture toughness (ws, Bwp) and craze/necking instability (Y/Gr), implying that fracture
behavior in the presence of cations is controlled by craze instability represented by Y/Gr
parameter extracted from tensile test and highlighting the role of plastic deformation and

hardening in governing fracture toughness through craze formation and instability.

In conclusion, our results shed light on the effects of cations and ionic interactions in an
ionomer’s failure (e.g., brittle vs. ductile) and constitutive behavior, and provide insight into their
interrelation can be analyzed using uniaxial tensile tests. The findings in this study delineate the
role of ionic interactions in mechanical behavior and stability of Nafion and similar ionomers in

both small- and large-deformation regime, which would be critical for improving the current
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state of understanding of stability ion-exchange membranes in emerging technologies on clean

water and energy.
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