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Abstract 

 

Molecular Beam Epitaxy of Electronic Perovskite Oxides: BaSnO3, Sr3SnO, and EuxSr1-

xTiO3 

 

by 

 

Nicholas Glenn Combs 

 

Perovskite oxides are a class of materials known to exhibit a wide range of electronic, 

magnetic, and other functional properties. In their simplest forms they have the chemical 

formula ABO3, where the O is oxygen and A and B are cations. Different combinations of the 

A and B cations lead to a plethora of properties in electronic structure, magnetism, structural 

transitions, quantum phases, and more. In addition, certain inversions of this relatively simple 

structure, such as the antiperovskites, open up an entirely new realm of topologically nontrivial 

materials that offer even more avenues of exploration. Molecular beam epitaxy (MBE) is a thin 

film growth technique which is known for its ability to produce films of the highest quality 

(i.e. low defect density) with multiple levels of control, making it an excellent tool for the study 

of novel perovskite oxides. 

BaSnO3 is a transparent semiconductor which displays high electron mobilities at room-

temperature when single crystals are doped with La. These mobilities are accessed at high 

carrier densities, opening up possibilities for uses in high power density electronics and 
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transparent conductor applications. Thin films have so far been unable to match the mobilities 

exhibited by single crystals, however. In this thesis, I will describe studies aimed towards 

understanding the various mobility-limiting mechanisms at play in thin film BaSnO3. These 

show that while dislocations may a prominent role in limiting mobility at the moment, 

ultimately it may be stoichiometry control which sets an upper limit on the mobility that can 

be achieved in films. 

Sr3SnO is an antiperovskite oxide which exhibits topologically nontrivial band inversion 

in its bulk. It has only a protected band crossing at the Fermi level, making it a three-

dimensional topological Dirac semimetal (or topological crystalline insulator if a small mass 

gap is considered). Additionally, superconductivity was discovered in polycrystalline samples, 

opening up the possibility that Sr3SnO is an intrinsic topological superconductor. In this thesis 

I will describe my efforts involving getting the initial growth of this material by MBE off the 

ground. I will also discuss a protective capping scheme developed such that the material would 

degrade in air once removed from the growth chamber, as it is extremely air sensitive. 

SrTiO3 is one of the most well-studied perovskite oxides. It is a dilute superconductor, 

which challenges the traditional electron-phonon pairing mechanisms of BCS theory. It is also 

an incipient ferroelectric, meaning it is in proximity to a ferroelectric quantum phase transition. 

In this thesis I will describe experimental work – built on prior progress in the growth of high-

quality SrTiO3 thin films – to further examine the coexistence of ferroelectricity and 

superconductivity in SrTiO3. By growing films alloyed with magnetic Eu (EuxSr1-xTiO3), I will 

show that superconductivity in SrTiO3 is not only remarkably insensitive to magnetism, but 

may also be more strongly tied to the presence of static polar order than has been previously 

considered.  
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Chapter 1. Introduction 

1.1 Perovskite Oxides 

Perovskite oxides are a class of materials that host one of the widest ranges of functional 

properties among a single material class which shares a common structure, from ferroelectrics 

to ferromagnets, antiferromagnets to antiferroelectrics, superconductors to high-k dielectrics, 

topologically nontrivial band structures to high-mobility semiconductors, to name a few. In 

their simplest forms they have chemical formula ABO3, where O is oxygen and A and B are 

cations. The cubic perovskite crystal structure is shown in Fig. 1.1, where the A cations sit on 

the corners of the unit cell, the B cation is in the center and is six-fold coordinated by an 

octahedron of oxygen anions. The vast combinations of A and B cations that can be 

incorporated into this one structural motif offer a unique playground for exploring rich physics, 

much of which is still being uncovered. The fact that widely differing properties are exhibited 

by materials which share a common structural motif allows for relatively easy epitaxial 

integration via heterostructures on high-quality single crystal substrates, which serves to 

multiply the phase space of functionalities these materials can exhibit. In this thesis I will 

discuss my work with three different perovskite materials, all of which can be grown by 
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molecular beam epitaxy, and each with markedly different electronic properties from the 

others. 

 

Figure 1.1 – Cubic perovskite crystal structure of ABO3 perovskite oxide, showing the positions of 

the constituent elements. 
 

1.1.1 BaSnO3 

Bulk BaSnO3 has an ideal cubic perovskite structure (space group 𝑃𝑚3̅𝑚) with a lattice 

constant of 4.116 Å  [1]. It is a transparent semiconductor with an indirect band gap of ~3.1 

eV  [2] and a direct band gap of ~3.4 eV  [3]. The bottom of its conduction band is comprised 

primarily of Sn 5s orbitals  [4], leading to a dispersive conduction band and low electron 

effective mass (m*) of 0.19 me  [5]. Single crystals of La-doped BaSnO3 were found to exhibit 

maximum room-temperature electron mobilities (μ) above 300 cm2 V-1 s-1 at carrier densities 

(n) above ~1019 cm-3  [6–8], the highest room-temperature μ of any semiconductor with n > 

~1019 cm-3 at the time (Fig. 1.2). This combination of high-temperature mobilities at high 

carrier densities in a material with a relatively wide band gap makes this material extremely 
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promising for uses in next-generation power electronic devices, especially when combined 

with other perovskites such as BaTiO3  [9].  

 

1.1.2 Sr3SnO 

Sr3SnO belongs to a family of antiperovskite oxides, with generic chemical formula A3BO 

where A is an alkaline earth metal such as Ca, Ba, or Sr, and B is Sn or Pb. The antiperovskite 

crystal structure (Fig. 1.3a) is symmetrically equivalent to the perovskite structure except that 

the occupation of the A and O sites are swapped  [10,11]. The A and O ions are generally  

 

Figure 1.2 – Comparison of maximum room-temperature mobility μHall as a function of carrier 

density n for various semiconductors. Adapted with permission from ref.  [8] 
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expected to retain their formal charge states of A2+ and O2-, which forces the B metal into an 

unusual B4- anionic state to maintain charge neutrality. This unusual electronic configuration 

leads to interesting electronic structures, such as band inversions, three-dimensional (3D) Dirac 

fermions, topologically non-trivial Chern numbers, and unique topological surface states  [12–

20]. Sr3SnO exhibits six Dirac nodes along each of the equivalent Γ-Χ lines due to band 

inversion between Sr 4d- and Sn 5p- derived bands, which are protected from hybridizing due 

to the fourfold rotational symmetry [18] (see Fig. 1.3b for a schematic band structure). 

However, higher-order spin-orbit coupling effects induce a small gap at the Dirac nodes, 

effectively categorizing it as a topological crystalline insulator  [13]. The smallness of the gap 

is such that the dispersion in the vicinity of these points is quasilinear and thus it approximates 

a 3D Dirac semimetal. 

 

Figure 1.3 – (a) Cubic antiperovskite crystal structure of Sr3SnO showing the formal charge states 

of the constituent elements. (b) schematic band structure of Sr3SnO illustrating the band inversion 

along the Γ - X line and no other bands at the Fermi level. More correctly there is a small gap opened 

at the band crossing. 
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It was later reported that polycrystalline samples with an extremely high degree of Sr-

deficiency (Sr3-xSnO) exhibit superconductivity with a superconducting transition temperature 

(Tc) of ~5 K  [21–23]. Sr vacancies induce p-type carriers (holes). Because of the combination 

of a superconducting phase emerging from a topologically nontrivial band structure, this lead 

to speculation that this material may be an intrinsic topological superconductor  [16]. 

Topological superconductors are predicted to host non-Abelian anyons on their edges [24], 

which, aside from their fundamental physical interest, could serve as a platform for future 

topological quantum computing [25]. 

An important caveat to this excitement, however, is that superconductivity has only been 

observed in polycrystalline samples, which contain secondary phases  [21–23]. Though the 

authors have taken much care to rule out the possibility of an additional phase as the source 

for the superconductivity, the claim remains uncertain unless it can be reproduced in other 

sample forms such as single crystals or thin films. This experimental endeavor, however, is 

itself not trivial, as the unusual Sn4- anion makes these antiperovskite oxides extremely 

unstable in air due to the tendency for oxidation, which requires keen technical consideration 

when synthesizing and measuring. 

 

1.1.3 SrTiO3 

SrTiO3 is one of the most widely studied perovskite oxides due to its many interesting 

properties. In pure bulk form, it has a cubic perovskite structure (𝑃𝑚3̅𝑚) at room temperature 

with a lattice constant of 3.905 Å  [26]. It is a band insulator with indirect and direct band gaps 

of 3.3 eV and 3.8 eV, respectively  [27]. It can be electron doped by a wide variety of dopants:  
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substituting trivalent cations on the Sr-site (La, Sm, Gd, Nd) [28–31], substituting pentavalent 

cations on the Ti-site (Nb) [32], or by inducing oxygen vacancies  [33]. 

Doped SrTiO3 was the first discovered oxide superconductors  [34]. Like many 

semiconductor superconductors, it exhibits a superconducting “dome” in carrier 

density  [35,36] (Fig. 1.4a). It is also one of the most dilute superconductors, with a carrier 

density as low of the order ~5 × 1017 cm-3  [37]. This diluteness immediately challenged the 

applicability of the standard Bardeen-Cooper-Schrieffer (BCS) model describing the phonon-

mediated electron-electron pairing. The so-called Migdal criterion generally requires that the 

phonons mediating the pairing, which have characteristic frequency ωD , have an energy much 

less than the Fermi energy ϵF, i.e. ωD / ϵF << 1, whereas in SrTiO3, ωD / ϵF ~ 1-100, among the 

highest ratio of any doped semiconductor superconductor [38]. 

SrTiO3 is also an incipient ferroelectric (or equivalently, a quantum paraelectric), meaning 

it is in proximity to a ferroelectric ground state instability brought about by the softening of a 

low-energy transverse optical phonon  [39]. While first-principles calculations predict a 

 

Figure 1.4 – (a) Superconducting Tc as a function of 3D carrier density n for SrTiO3-δ crystals. 

Adapted with permission from ref. [36] (b) Static dielectric constant ε as a function of temperature 

for SrTiO3 crystals. Adapted with permission from ref. [39] 
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ferroelectric ground state due to this soft-mode instability, it is thought that zero-point quantum 

fluctuations prevent the emergence of a long-range ordered state, and the frequency of the soft-

mode levels off to a real frequency at low temperatures. This nearby paraelectric-ferroelectric 

transition is manifested by a rapidly increasing dielectric constant as temperature is lowered, 

which initially follows a Curie-Weiss behavior but then deviates from this and eventually 

saturates to a constant value by around 40 K (Fig. 1.4b). Numerous methods have been shown 

to be able tune the lattice into a ferroelectric ground state, which include chemical substitution 

on the A-site with Ca [40,41] and Ba [42], isotopic substitution of 18O  [43], applied uniaxial 

stress [44], and epitaxial strain [45,46]. 

As mentioned above, bulk, doped SrTiO3 can become superconducting with a maximal Tc 

of ~450 mK (depending on how Tc is defined). It has been demonstrated that each of the various 

methods listed above to stabilize a ferroelectric ground state can also lead to enhancement of 

the superconducting Tc   [31,41,46–51]. This phenomenon points to a strong link between the 

nature of the superconducting state and the incipient ferroelectricity in SrTiO3, and a number 

of theories have been proposed to attempt to find this link [52–56]. While no consensus has 

been found to-date, there is mounting evidence that broken inversion symmetry might be key 

to the pairing, which has been relatively overlooked by many of the above proposed theories. 

 

1.2 Electronic Transport in Thin Films 

For a material to be utilized in electronic devices, it must first be grown as a thin film. 

Films also offer a unique geometry for testing various physical properties. Here we will 



8 

 

introduce some basic concepts of electronic transport, carrier scattering, and measurement of 

electronic properties, as pertaining to thin films. 

 

1.2.1 Electronic transport theory 

Ohm’s law is the linear relationship between the electric field E and the current density J, 

related by the conductivity σ, which is also related to the carrier density n and the drift velocity 

vd: 

𝐽 =  𝜎𝐸 = 𝑒𝑛𝑣𝑑      (1.1) 

where e is the electron charge. At low electric fields, the drift velocity of an electron (or 

hole) is related to the electric field strength by the proportionality constant known as mobility 

or μ, which has units of cm2 V-1 s-1, such that:  

𝑣𝑑 = 𝜇𝐸       (1.2) 

The mobility is a measure of how easily or quickly a free electron moves under the 

influence of an electric field. It is a function of the electron’s effective mass m* and the various 

scattering mechanisms present in the solid, which is represented by the mean time between 

scattering events τ, such that:  

𝜇 =
𝑒𝜏

𝑚∗
       (1.3) 

The mobility thus contains information about both the electronic structure (through m*) 

and the scattering sources (through τ). The effect of the various scattering sources on the total 

mobility can be calculated as the simple sum of the mobility limits imposed by the individual 

scattering mechanisms (in the weak scattering limit), which is known as Matthiessen’s rule:  
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1

𝜇
= ∑

1

𝜇𝑖𝑖
           (1.4) 

 

1.2.2 Scattering Mechanisms 

Scattering of free electrons in a periodic lattice (i.e. Bloch states) is caused by local 

deviations of the periodicity of the lattice. These deviations can be dynamic (e.g. phonons) or 

static in nature. Phonons are quanta of lattice vibrations resulting from thermal energy of the 

lattice, and thus their effect on mobility is temperature dependent. For metals and degenerate 

semiconductors, the effect of static scattering sources on mobility is relatively temperature-

independent. Electron-electron scattering can also contribute to the total mobility, and its effect 

is temperature dependent. Thus, we can separate the total mobility into temperature dependent 

and temperature independent components:  

𝜇−1 = 𝜇−1(𝑇) +  ∑ 𝜇𝑖
−1

𝑖
        (1.5) 

where the 𝜇𝑖
−1 now represent the various mobility limits imposed by the residual (temperature-

independent or static) disorder.  

One of the most commonly expected static scattering sources in doped semiconductors is 

ionized impurity scattering due to the ionized dopant atoms. Charged impurities generally have 

a relatively strong effect on mobility due to the Coulomb potential emanating from them, 

though high-enough carrier densities can screen this potential to certain degrees. As such, 

neutral impurities can generally be expected to have a less-severe effect on mobility than 

charged impurities. In thin films, especially those which have undergone strain relaxation, 

dislocations can contribute significantly to scattering. The nature of dislocations in various 
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materials can strongly affect how they contribute to scattering. In BaSnO3, for example, it is 

proposed that the relaxation-induced dislocations are charged entities, with a certain charge-

per-unit-length gleaned from fitting models to experimental data  [57,58]. These models, 

however, require a significant amount of assumptions, and their accuracy would depend on 

accounting for all relevant scattering sources in the films, which is not well-understood. 

Discussion of the finer points of the effects of various defects on mobility is not within the 

scope of this thesis, and so we will simply state that dislocations are likely a significant source 

of scattering, whether they are carrying a charge or not. 

 

1.2.3 Hall Measurements 

Mobility and carrier density can be measured in a lab setting by utilizing the Hall effect. 

The mobility measured via the Hall effect is the Hall mobility μH, which differs from the drift 

mobility by the Hall factor rH:  

𝜇 =
𝜇𝐻

𝑟𝐻
     (1.6) 

The Hall factor typically takes values on the order of 1-2, dependent on the dominant scattering 

mechanism(s) and whether or not a semiconductor is degenerate [59]. A typical Hall effect 

measurement is a four-terminal measurement which can be performed in two common 

geometries: van per Pauw (vdP) [60] and Hall bars. Unless otherwise specified, all Hall 

measurements in this thesis were measured using the vdP method, shown in Fig. 1.5. Small 

contacts are deposited on the corners of a typical square sample, which we will label as 1, 2, 

3, and 4 (Fig. 1.5a). The longitudinal resistance is first measured in both the x and y directions, 

which we denote as Rxx and Ryy. For Rxx, we apply a small current between contacts 1 and 4 
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(I14) and measure the voltage drop between contacts 2 and 3 (V23) (Fig. 1.5b), which gives 

𝑅𝑥𝑥 = 𝑉23/𝐼14. Ryy is then given by 𝑅𝑦𝑦 = 𝑉43/𝐼12. The longitudinal resistances are then used 

to calculate the sheet resistance Rs using the van der Pauw equation:  

𝑒
(

−𝜋𝑅𝑥𝑥
𝑅𝑠

)
+ 𝑒

(
−𝜋𝑅𝑦𝑦

𝑅𝑠
)

= 1     (1.7) 

Note that Rs can only be solved for analytically if Rxx = Ryy. If Rxx and Ryy differ slightly, Eq. 

1.7 can be solved numerically typically using an average of Rxx and Ryy as an initial guess. If 

Rxx and Ryy differ strongly then the vdP method is not applicable. The transverse resistance Rxy 

is then measured by applying a current between two diagonal contacts (e.g. I13) and measuring 

the voltage between perpendicular contacts (e.g. V24) as a function of a magnetic field B applied 

perpendicular to the plane of the sample (Fig. 1.5c). The transverse voltage is a result of the 

Lorentz force on mobile carriers, and thus the sign of the voltage can distinguish between the 

type of majority carriers, i.e. holes or electrons. The Hall coefficient RH is defined as: 

 

Figure 1.5 – Diagram of (a) van der Pauw geometry for performing Hall measurements on a square 

thin film sample with contacts labeled 1, 2, 3, and 4. Measurement setup for measuring (b) Rxx and 

(c) Rxy with a magnetic field B oriented out-of-plane. 
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𝑅𝐻 =
𝑉24

𝐵𝐼13
=

𝑉31

𝐵𝐼24
=

𝑅𝑥𝑦

𝐵
        (1.8) 

The Hall coefficient can be used to calculate the sheet carrier density ns: 

𝑛𝑠 =
1

𝑒𝑅𝐻
     (1.9) 

which can then be used along with the sheet resistance to calculate the Hall mobility:  

𝜇𝐻 =
1

𝑒𝑛𝑠𝑅𝑠
      (1.20) 

It should be noted that the Hall signal should be linear for single-carrier type properties to be 

assessed. Deviations from non-linearity can result from multiple carrier types being present, 

which will not be discussed here. However, experimental artifacts can also result in “non-

linearity” that are purely noise. An example of this would be lack of temperature equilibration 

during temperature-dependent measurements. If the temperature distribution across a sample 

changes appreciably during the course of the B-field sweep, then this can result in a Hall 

coefficient that appears to vary as a function of B, but is actually the result of time-dependent 

thermal equilibration. Thus, care should be taken to ensure good thermal contact between the 

sample and the sample holder, and adequate dwell times at each temperature to ensure 

equilibration before performing the B-field sweep. 

 

1.3 Molecular Beam Epitaxy 

Many of the interesting physical properties exhibited by perovskite oxides (and other 

semiconductors in general) can be extremely sensitive to the presence of material defects. In 

the same way that various bulk crystal growth methods can result in differing quality of the 

resultant crystals as demonstrated by defect concentrations, different film growth methods can 
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be distinguished by their ability to suppress defect formation. Molecular beam epitaxy (MBE) 

is widely touted as the technique of choice for growing high-quality (i.e. low defect density) 

electronic thin films. One example of this is the extremely high low-temperature mobility 

exhibited by La-doped SrTiO3 thin films grown by MBE, which reached as high as 53,000 cm2 

V-1 s-1  [61] compared to the highest reported for bulk single crystals of 22,000 cm2 V-1 s-1  [32] 

and thin films grown by other techniques (6600 cm2 V-1 s-1
 by pulsed laser deposition) [62]. 

The sensitivity of carrier scattering to even small concentrations of defects makes low-

temperature mobility (in semiconductors) an excellent metric for discerning materials quality. 

In its most basic form, beams of atomic or molecular species impinge upon a heated 

crystalline substrate, upon which the crystalline film is grown. MBE utilizes an ultra-high 

vacuum (UHV) environment with background pressures in the 1-10 × 10-10
 Torr range or lower. 

The UHV leads to large mean free paths of free particles, such that the vapor-phase molecules 

of the source materials travel from source to growth surface without suffering from scattering 

and thus form well-defined “beams.” The UHV also minimizes the adsorption of impurity 

species in the growing film, leading to highly pure films (the purity essentially becomes 

dependent on the purity of the source materials used). MBE is a low-energetic deposition 

method due to using thermal evaporation or sublimation of its source materials. Other thin film 

growth techniques, such as sputtering and pulsed laser deposition (PLD), impart a significant 

amount of excess kinetic energy to the species arriving at the growth surface, which can result 

in high concentrations of energetic point defects. The kinetic energy of the species used in 

MBE is orders of magnitude lower by comparison, and thus energetic point defects are 

minimized. The low energetic deposition also allows for sharp, atomically abrupt interfaces 
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between the substrate and film or between heterostructure layers, which might otherwise 

become roughened or intermixed via more aggressive deposition techniques [63]. 

The UHV environment also allows for the use of reflection high-energy electron diffraction 

(RHEED) during film growth. RHEED is a powerful in situ characterization tool that provides 

real-time information about the growing film. The most basic information provided by RHEED 

pertains to the growth morphology of the sample, such as whether it is growing as a two-

dimensional (2D) planar film (streaks), as 3D islands (lattice spots), or if it is growing 

polycrystalline (rings) (Fig. 1.6). If the film grows in a layer-by-layer fashion (as opposed to 

step-flow), the intensity of the RHEED streaks will oscillate with the growth of each layer: one 

full oscillation corresponds to the growth of a single film layer. This information can be 

leveraged to extract the real-time growth rate of the film such that the thickness can be precisely 

controlled. Yet another useful application of RHEED is the observation of surface 

reconstructions, which are the appearance of higher-order reflection streaks that can appear 

due to reconstruction of surface dangling bonds. In certain materials systems, these can provide 

 

Figure 1.6 – Representative RHEED patterns indicating (a) a smooth 2D surface, (b) 3D island 

growth, and (c) polycrystalline rings 
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powerful in situ information about a growing film, such as its composition or the actual 

temperature (as opposed to the measured temperature). 

For this work, two separate Veeco Gen. 930 MBE systems were utilized, affectionately 

termed the “Old Oxide” and the “New Oxide.” Both systems are the same in general design 

and construction, and a generalized schematic is shown in Fig. 1.7. The systems differ by types 

of materials they are used to grow: the Old Oxide was used for the stannates and 

antiperovskites, and the New Oxide was used for the titanates.  

1.3.1 The Growth Window 

The use of separate source fluxes to grow a compound semiconductor necessitates finding 

growth conditions under which the desired crystalline phase is formed without the formation 

of secondary unwanted phases. The primary growth condition tuning knobs in MBE are the 

temperature of the substrate, the absolute fluxes of the atomic or molecular species, and the 

relative composition of the fluxes being applied. Naively, a stoichiometric compound could be 

 

Figure 1.7 – Schematic of an MBE chamber used for perovskite oxide growth. 
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expected to be grown by supplying the fluxes of the source materials in relative stoichiometric 

amounts. However, this would necessitate precise control of the flux beams, which in practice 

is extremely difficult. Any deviation of one or both of the fluxes during the course of a growth 

would result in the relative over- or under-incorporation of one of the species, which could 

result in nonstoichiometric defects or the formation of secondary phases. Luckily, the need for 

precise flux control can be avoided by exploiting thermodynamics to open a “growth window.” 

The MBE growth window is range of growth conditions (substrate temperature, relative flux 

ratio, and absolute flux magnitudes) in which the (nominally) stoichiometric compound of 

interest coexists with the vapor phase of at least one of the constituents [64]. The existence of 

a growth window was a key factor in the success of early III-V semiconductor growth. Using 

GaAs as an example, this corresponds to a range of conditions in which a two-phase 

equilibrium consisting of the growing GaAs crystal and As vapor (i.e. under As 

“overpressure”) is stable. Small fluctuations of the Ga flux are compensated by matching 

incorporation or desorption of As to and from the vapor, and small fluctuations of the As flux 

simply contribute to fluctuations in the vapor overpressure. 

Growth windows (also called adsorption-controlled or self-regulating growth windows) 

naturally require that at least one of the species have a sufficient vapor pressure at viable 

growth temperatures and pressures. This is relatively easily accessible for III-V compounds 

where most group V elements are sufficiently volatile. For ternary oxides, however, the 

existence of an accessible growth window using solid elemental sources for the A and B metals 

is by no means guaranteed. Using SrTiO3 as an example, when fluxes of Sr, Ti, and molecular 

oxygen (or a more activated form such as RF-plasma or ozone) are supplied, the oxygen (which 

of course is itself volatile) oxidizes the metals into SrO and TiO2, which are then incorporated 
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into the film forming SrTiO3. However, Sr nor Ti, nor their binary oxides SrO or TiO2, have a 

reasonable vapor pressure at substrate temperatures below ~ 1500 °C  [65], and thus any 

deviation from a precise 1:1 Sr:Ti flux ratio results in nonstoichiometric defects. Even the 

highest degree of flux control on the order of ~ 0.1 – 1%  [66] would result in defect 

concentrations of 1020 cm-3 or higher. 

 

1.3.2 Hybrid MBE for the growth of titanates 

The use of a metal-organic (MO) precursor as a volatile Ti source has been shown to be 

extremely successful for the growth of high-quality SrTiO3  [65,67]. The MO molecule 

titanium tetra-isopropoxide (TTIP) has the chemical formula Ti(OCH(CH3)2)4 with a central 

Ti4+ bonded to four oxygen atoms (Fig. 1.8a), and has a high vapor pressure at viable substrate 

temperatures. Once adsorbed to the growth surface at elevated temperatures, is can decompose 

into TiO2 and volatile organic byproducts which do not incorporate into the film in any 

appreciable amounts [68]. Above substrate temperatures of ~700 °C, the growth rate of TiO2 

using TTIP becomes limited by the desorption rate of TTIP from the surface (desorption-

limited). It is in this regime of substrate temperatures that a growth window for SrTiO3 using 

TTIP, Sr, and oxygen plasma sources is opened up, though the exact kinetics of the process 

once Sr is present are not precisely known [69,70]. A generalized schematic of the various 

processes occurring on and near the growth surface is shown in Fig. 1.8b. MBE using a 

combination of MO and elemental sources has thus become termed hybrid MBE. 
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The stoichiometry of the films can be determined by lattice parameter measurements, 

which are sensitive to nonstoichiometric defects and are known to expand regardless of 

whether conditions are Ti-rich or Sr-rich  [65,67]. Using these measurements, the growth 

window could be established for a particular substrate temperature as a range of TTIP/Sr flux 

ratios within which stoichiometric films are grown. As substrate temperature is increased, the 

width of this flux ratio range widens  [65], i.e., the growth window “opens.” Under certain 

conditions, the stoichiometry of the film can be identified in situ by surface reconstructions 

observed via RHEED [71]. The excellent stoichiometry control afforded by TTIP combined 

with the low energetics of MBE contributed to the growth of films with the highest low-

temperature mobility reported for SrTiO3 of any form, as mentioned above [61]. The 

ferroelectric transition of strained SrTiO3 films on LSAT substrates was also found to be 

sensitive to nonstoichiometric defects as told by second harmonic generation (SHG) [72]. 

 
 

Figure 1.8 – (a) schematic structure of the TTIP molecule. (b) Schematic of the various surface 

kinetic processes of TTIP on a SrO terminated plane (left) and a TiO2 terminated plane (right) of a 

SrTiO3 (001) surface showing adsorption, diffusion, desorption, and decomposition. Adapted with 

permission from ref. [69]. 
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Films grown using TTIP/Sr ratios which were outside of the stoichiometric window on both 

the Ti-rich and Sr-rich sides did not exhibit signs of a ferroelectric transition. 

Initial hybrid MBE growth of SrTiO3 utilized a co-supply of activated oxygen plasma along 

with TTIP and Sr, though it was later found that the additional oxygen is not necessary to grow 

high-quality SrTiO3  [73], which is attributed to the ability of TTIP to also supply oxygen as 

well as Ti. The central Ti4+ cation comes bonded to 4 O2- anions (Fig. 1.8a). The co-supply of 

oxygen mainly serves to minimize a small degree of oxygen vacancies  [74], though these can 

generally be filled by a post-growth annealing treatment in air. The ability for adequate oxygen 

to be supplied without creating an extremely oxidizing environment has aided in the growth of 

rare-earth titanate materials such as GdTiO3 [73], where the valence states are Gd3+Ti3+(O2-)3. 

The Ti4+ state is favored oxidizing conditions, which can lead to the unintentional growth of a 

pyrochlore phase instead of the perovskite phase. TTIP has allowed for the growth of a wide 

variety of other perovskite titanates, including BaTiO3  [75], EuTiO3  [76], SmTiO3 [77] and 

others. 

 

1.3.3 SnO2 source for Stannates 

The growth of perovskite stannates (ASnO3) by MBE also found difficulty in using 

elemental metal sources. Some limited success was achieved using metallic Sn and Ba sources 

along with ozone as an oxidant [78], but the mobility in these films was on par with PLD-

grown films indicating that they contained a relatively high amount of point defects. At first 

glance, accessing a growth window using metallic Sn and an oxidant should be viable as one 

of the constituent oxides, SnO, is highly volatile. However, the hindrance lies in the fact that 
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Sn is difficult to oxide and readily reduces in the UHV environment, forming metallic Sn 

droplets on the surface [79,80]. Following from the success of TTIP for titanates, attempts were 

made to grow BaSnO3 using an analogous MO that contains Sn, tin tert-butoxide (SnTB). 

However, SnTB was found to be thermally unstable and decomposed before reaching the 

growth chamber [81]. An alternative MO source, hexamethylditin (HMDT), has been used to 

successfully grow BaSnO3 and SrSnO3  [81,82]. Due to the lack of oxygen in the HMDT, a co-

supply of oxygen (in this case oxygen plasma) is needed. However, mobilities in BaSnO3 films 

grown with HMDT are below that which can be achieved with other sources (described below), 

and it is speculated that the absence of sufficient oxidation from the MO itself could contribute 

to this. 

The successful growth of high-quality La-doped BaSnO3 films with room-temperature 

mobilities exceeding 140 cm2 V-1 s-1 was first demonstrated by Raghavan et al at UCSB by 

utilizing solid SnO2 as a Sn source [80]. SnO2 sublimates in UHV environments as ~77% SnO 

and ~21% O2, and the remainder is constituted of various suboxides (Fig. 1.9) [83]. Thus, Sn 

is provided in a pre-oxidized form, and an adsorption-controlled growth window could be 

accessed due to the volatility of SnO, within which the highest mobility films could be grown. 

It was initially believed that a rather significant co-supply of additional oxidant (either oxygen 

plasma [80] or ozone [84]) was still necessary along with the SnO2 source due to known low 

oxidation potential of Sn. This will be further explored in Chapter 2. 
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Figure 1.9 – Partial pressures of the various molecular species formed under congruent vaporization 

conditions of SnO2. Adapted with permission from ref [83] 

 

1.3.4 Epitaxial strain in films 

The choice of substrate can have important effects on the epitaxial film. Unless the film is 

homoepitaxial (i.e. the film is the same material as the substrate) there will in all likelihood be 

some degree of mismatch between the lattice parameter of the film and the lattice parameter 

of the substrate, which will induce strain in film. The lattice misfit strain is given as 𝜀𝑚 =

𝑎𝑠𝑢𝑏−𝑎𝑓𝑖𝑙𝑚

𝑎𝑓𝑖𝑙𝑚
× 100% , where asub and afilm are the cubic (or pseudocubic) lattice parameters of 

the substrate and film, respectively. The biaxial strain imposed by the substrate translates into 

stress in the growing film, which becomes greater as the film grows thicker. If the stress 

becomes too great, the film will relax via the introduction of misfit dislocations to relieve some 

of the stress, and thus the film will no longer be coherently strained to the substrate. The critical 

stress at which this relaxation occurs translates into a critical thickness hc. The Matthews-
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Blakeslee (MB) formula for critical thickness can be used to estimate this thickness, which is 

given as:  

ℎ𝑐 =
1

𝜀𝑚(1 + 𝜐)

|𝑏|

8𝜋 cos 𝜆
(1 − 𝜐 cos2(𝛽)) ln

𝛼ℎ𝑐

|𝑏|
        (1.21) 

where ν is Poisson’s ratio, |b| is the magnitude of the Burgers vector, λ is the angle between the 

dislocation line and the film/substrate interface, β is the angle between the Burgers vector and 

the dislocation line, and α is a cutoff parameter. This critical thickness represents the thickness 

at which the elastic strain energy released by the introduction of a misfit dislocation is 

equivalent to the energy increase introduced by the creation of the dislocation. We will use 

SrTiO3 (a = 3.905 Å) grown on LSAT (001) (a = 3.868 Å) as an example, for which the misfit 

strain εm = -0.95% (compressive strain). For a cubic perovskite oxide oriented in the [001] 

direction, we will assume the active slip system to be {101}〈101̅〉  [85], thus making λ = 45°, 

β = 90°, and |b| = 5.52 Å. Poisson’s ratio ν can be approximated to be ~0.3, and the cutoff 

parameter α is 4 [85]. This gives a critical thickness hc of ~12 nm. However, fully strained 

films of SrTiO3 on LSAT can be grown as thick as ~200 nm [86]. This demonstrates that while 

the MB formula may accurately estimate hc in certain situations, it can severely underestimate 

it in others. This can be attributed in part to the fact that strain relaxation via the nucleation and 

propagation of dislocations is a kinetic process, and thus certain kinetic barriers which are not 

accounted for in the equilibrium free energy minimization may contribute to larger hc’s. The 

relaxation process is complex, and it is difficult to derive an exact analytical equation which 

can accurately capture and describe all of the relevant factors, if not impossible. In practice, it 

is common for strained SrTiO3 films grown to thicknesses above ~150 nm to experience strain 

relaxation, whereas others grown under identical conditions to nearly identical thicknesses 
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could grow fully strained. This highlights the fact that there is a certain degree of stochasticity 

to achieving thick, fully strained films above the thermodynamic critical thickness. However, 

general trends can still be assumed based on how the kinetics of dislocation nucleation and 

propagation might be affected [64]. For instance, a higher growth temperature would be more 

likely to induce relaxation than a lower one due to enhanced dislocation motion. A higher 

concentration of point defects (i.e. doping or alloying) can serve as catalysts or stress 

concentrators for dislocations in the lattice, which can also lead to a higher propensity for 

relaxation. It should be noted, however, that for very large strains (i.e. > 2%), the critical 

thickness is extremely thin, and films grown with this degree of mismatch can be almost 

guaranteed to grow relaxed, as is the case with BaSnO3 due to its lack of a lattice-matched 

substrate. 

 

1.4 Outline 

This thesis is organized in three main chapters, each which concerns a different perovskite 

materials system. Due to the widely different properties exhibited by each of the materials 

being studied, each chapter will begin with a few sections of additional background 

information that is specific to the material system in question. Chapter 2 details various growth 

studies of the high mobility oxide BaSnO3. Chapter 3 describes very early efforts to grow and 

characterize the 3D Dirac oxide Sr3SnO antiperovskite films, including techniques to deal with 

the strong air sensitivity. Chapter 4 describes a study of the evolution of ferroelectricity and 

superconductivity in Eu-alloyed SrTiO3 films with increasing amounts of magnetic Eu. 
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In Chapter 2, past work in growing thin films of BaSnO3 are briefly described to illustrate 

the difficulty in achieving thin film mobilities that are on par with single crystals. Three distinct 

growth studies are then presented. In the first, various attempts are made to fabricate 

BaTiO3/BaSnO3 heterostructures to investigate the plausibility of such structures for high 

power density field effect transistors. In the second study, two anecdotal growths on lattice 

matched substrates are described, which do not constitute a formal study but the insights gained 

from each highlight the sensitivity of mobility in BaSnO3 to factors beyond just dislocations. 

In the third study, BaSnO3 films are grown under different oxidant conditions, and lattice 

parameter measurements reveal a relatively high concentration of SnBa antisite defects in all 

films regardless of oxidant conditions. This highlights the difficulty in oxidizing Sn in MBE 

environments and may provide an additional reason why film mobilities are so low relative to 

single crystals. 

In Chapter 3, previous experimental work in the synthesis and characterization of various 

antiperovskite oxides is briefly described to provide context for the present study. Then, the 

preliminary steps leading to the first attempts at growing Sr3SnO by MBE at UCSB are 

described, which had very limited previous reports of growth in the literature. A scheme for 

protecting the extremely air-sensitive films using a capping layer deposited in situ is also 

developed. This work served as the groundwork for continued work by another student, 

Wangzhou Wu, who further improved growth conditions and electrically characterized the 

films [87,88]. 

In Chapter 4, a brief review of superconductivity and ferroelectricity in SrTiO3, with 

particular focus placed on where the two properties intersect, is provided to serve as 

background for the tentative argument that the superconductivity in SrTiO3 may at least to 
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some degree depend on the presence of broken inversion symmetry. Then, a study of strained 

films of highly Eu-alloyed SrTiO3 (i.e. EuxSr1-xTiO3) is presented which seeks to further 

explore the apparent insensitivity of the superconductivity in SrTiO3 films to magnetic 

impurities. It is found that the Eu alters the polarizability of the SrTiO3 lattice such that a global 

ferroelectric ground state is no longer favorable and instead leads to a crossover to a relaxor-

like state with locally polar domains. It is this structural change which may lead to the eventual 

suppression of superconductivity. 

Chapter 5 summarizes the results of this thesis and provides possible future research 

directions that arise from the results. 

 

1.5 Permissions and Attributions 

The contents of Chapter 2.4 have previously appeared in Phys. Rev. Mater. 4, 014604 

(2020)  [89]. It is Copyrighted by the American Physical Society and reproduced here with 

permission. 

 https://journals.aps.org/prmaterials/abstract/10.1103/PhysRevMaterials.4.014604 

 

The contents of Chapter 4 have previously appeared in Phys. Rev. B. 107, 094504 

(2023).  [90]. It is Copyrighted by the American Physical Society and 

reproduced here with permission. 

https://journals.aps.org/prb/abstract/10.1103/PhysRevB.107.094504 
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Chapter 2. BaSnO3 

The discovery of record-high room-temperature mobility of 300 cm2 V-1 s-1 in single 

crystals of La-doped BaSnO3 motivated a significant amount of research into attempting to 

grow this material as a thin film. The combination of high mobility at high carrier densities 

makes it a promising candidate for power electronics purposes, in addition to the fact that it is 

a transparent conducting oxide. However, achieving mobilities in thin films that are on par 

with those of single crystals has so far not been successful. Not least among the limitations 

imposed by thin films is the lack of a lattice-matched substrate for BaSnO3, which means 

growths on commercially available substrates will experience relaxation and induce mobility-

limiting dislocations. Nonetheless, mobilities in films has reached as high as 170 – 180 cm2 V-

1 s-1 at room temperature, which still vastly outperforms other perovskite oxides and indeed 

many degenerately doped semiconductors in this carrier density range of ~ 1-10 × 1019 cm-3. 

These highest film mobilities, which contain relaxation-induced dislocations, were enabled by 

the successful growth via MBE using a solid SnO2 source as originally developed at UCSB. 

Much of the groundwork for growing high-mobility films had been laid by the time I began 

growing BaSnO3, and thus my work presented here serves as a continuation of the techniques 

and ideas developed by previous group members.  
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Though the mobilities achieved via MBE with SnO2 vastly outperforms those achieved via 

other thin film growth methods, inconsistency and growth condition sensitivity has become 

very apparent through the hundreds of growths that had been performed both prior to my work 

and while I was involved. Regardless of this, the limited but still impressive mobilities that had 

been displayed in thin films motivated a collaboration with Prof. Siddharth Rajan and his group 

at the Ohio State University to grow prototypical heterostructures for exploring high power 

density devices. For my part, I grew heterostructures of BaTiO3/BaSnO3 which utilize the high 

polarizability of the BaTiO3 to mitigate high peak electric fields that result from a highly doped 

BaSnO3 channel. I will also present some very limited growths on lattice-matched substrates, 

which do not exhibit vast improvements in mobility even though no dislocations were induced 

via relaxation. Finally, through a somewhat accidental discovery, it is found that La-doped 

BaSnO3 films can be grown using only La, Ba, and SnO2 sources. Using this insight along with 

investigations of the out-of-plane lattice parameter, it is posited that a significant amount of 

SnBa antisite defects exist in even the highest-mobility MBE-grown films. This finding 

supports the known difficulty in oxidizing Sn in a vacuum environment, and may place an 

upper limit on the mobility that can be achieved in films even if a lattice matched substrate is 

made widely available, unless a more-oxidizing growth method can be found. 

2.1 Introduction 

2.1.1 Past Work 

Following the discovery of high room-temperature mobility at high carrier densities in 

single crystals, attempts to grow films of high mobility BaSnO3 soon followed. Due to the 

large lattice parameter (4.116 Å), it was immediately realized was that there lacked a 
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commercially available substrate which is closely lattice-matched to BaSnO3 (i.e. < 2% 

mismatch) (Fig. 2.1), and the excessive compressive strain would cause films to relax, 

introducing misfit dislocations which can harm the mobility. Regardless of this and with the 

promise that perhaps a lattice-matched substrate could eventually become commercially 

viable, film growth was attempted on lattice mismatched substrates in efforts to achieve the 

highest mobility possible in the presence of misfit dislocations. 

Most early attempts to grow films of doped BaSnO3 utilized pulsed laser deposition 

(PLD) [6,91,92] or sputtering [93]. These are highly energetic deposition methods which can 

introduce high concentrations of energetic point defects, degrading the mobility. Perhaps 

owing to the thermal stability of BaSnO3, post-growth annealing techniques are limited in their 

ability eliminate these defects once they are locked in during growth. The rather significant 

effect of these energetic point defects on μ is illustrated by the study by Lee et al [91], which 

utilized insulating BaSnO3 crystals as substrates for the PLD growth of their La-doped BaSnO3 

films (being the same group who originally reported the single crystal growth  [6]). The 

homoepitaxial substrate allows for growth without strain relaxation and thus no misfit 

 

Figure 2.1 – Comparison of room temperature cubic or pseudocubic lattice constants of various 

perovskite oxides. The materials written in color are commercially available substrates used for 

BaSnO3 growth. 
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dislocations. However, the maximal room-temperature mobility was limited to below ~ 100 

cm2 V-1 s-1. This indicates that energetic point defects in these concentrations are the primary 

limiter of mobility (Fig. 2.2).  

As mentioned in section 1.3.3, MBE growth of La:BaSnO3 films using SnO2 as the Sn 

source enabled the highest room-temperature mobilities reported in thin films  [80,84]. These 

films were grown relaxed on a variety of substrates using either ozone (10% + O2) [84] or 

oxygen RF-plasma [80].  The highest reported room-temperature mobility of La:BaSnO3 

grown using oxygen plasma was originally 150 cm2 V-1 s-1, grown on PrScO3 (110) (-2.2% 

mismatch). However, this was later raised to 172 cm2 V-1 s-1 grown on DyScO3 (110) (-4%) by 

using a ~10 nm thick unintentionally doped (UID) buffer layer for a ~30 nm La-doped film 

(not reported). The UID layer places the active layer further from the substrate, avoiding the 

 

Figure 2.2 - Comparison of selected maximum room temperature Hall mobilities μHall measured with 

varying carrier densities n3D for different film growth methods and single crystals. Data from reports 

from literature  [7,80,84,91–93]. 
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area of the film with the highest concentration of misfit dislocations.  The highest reported 

room-temperature mobility of thin-film La:BaSnO3 is 184 cm2 V-1 s-1 grown on MgO (+ 2.3%) 

and can be attributed to the use of an excessively thick UID buffer layer of 150 nm [58]. Thus, 

for MBE-grown BaSnO3 films, the maximal mobility appears to be limited by the relaxation 

induced by lattice mismatched substrates. However, this will be challenged in later sections. 

 

2.1.2 MBE growth and experimental methods 

Following the pioneering work using SnO2 as the Sn source for MBE-grown BaSnO3 at 

UCSB, my work served as a continuation of the efforts to investigate ways to further improve 

the mobility of thin films, as well as to explore BaSnO3-based heterostructures for possible 

power electronics applications. Previous group members had established a growth procedure 

through numerous growth campaigns which generally resulted in high mobilities (~150 cm2 V-

1 s-1 or higher) once growth conditions were calibrated. This general procedure will be 

described below, and can be assumed to have been followed for all the growths presented in 

the subsequent sections unless otherwise specified.  

Substrates used for growth were typically 5 mm × 5 mm × 0.5 DyScO3 (110) or (001), 

which were essentially equivalent in their surface-plane lattice constants of ~3.94 Å and 

mismatch of ~ -4%. These were more readily available than a slightly more lattice matched 

substrate PrScO3 (~ -2.2%). As these are wide band gap oxides which do not readily absorb 

radiative heating, the substrates are backed with 200-300 nm of Mo, which allows for sufficient 

growth temperatures to be achieved while also being sufficiently oxidation resistant to 

withstand the growth conditions  [94]. 
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Flux calibration measurements for the Ba and SnO2 source cells were performed overnight 

prior to each growth day to establish the beam equivalent pressure (BEP) as a function of cell 

temperature. Relatively high SnO2/Ba flux ratios are needed to produce the highest mobility 

films (Fig. 2.3). Going towards more Ba-rich conditions produces a precipitous drop-off in 

mobility, and very quickly leads to insulating films. Going towards more SnO2-rich conditions, 

the mobility appears to plateau, which gives merit to the argument that an adsorption-controlled 

growth window exists under excess flux of volatile SnO. Calibration growths were carried out 

at the beginning of all growth campaigns to establish the range of SnO2/Ba flux ratios that 

produced high-mobility films (which could shift between campaigns). Growth rates were 

limited by the Ba flux, as would be expected for adsorption-controlled growth. However, when 

changing the flux ratio between growths, it was found that changing the temperature of the 

SnO2 cell produced more inconsistencies than using an approximately constant SnO2 flux and 

 

Figure 2.3 - Representative growth calibration curve showing room temperature Hall mobilities μHall 

as a function of SnO2/Ba beam flux ratio used for each sample. 
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changing the Ba flux. This would inevitably affect the growth rate, but this could be 

compensated by changing the growth time and La dopant cell temperature to keep the carrier 

density in the ~ 1 – 10 × 1019 cm-3 range. 

The substrate was heated to the growth temperature and allowed to anneal for ~10 minutes 

prior to growth. Typical growth temperatures were in the 750-850 °C range, measured by a 

thermocouple behind the sample as well as an infrared pyrometer. It was found that more 

consistency in growth quality resulted from using constant output power of the sample heater 

during growth rather than using temperature control. The measured temperature of the film 

would drift somewhat during growth, in part thought to be due to the partial oxidation of the 

backing metal [94,95]. 

In addition to Ba, SnO2, and La, activated oxygen RF-plasma was also used as an oxidant 

source. High-purity oxygen is introduced to the chamber via a linear leak valve (LLV), and the 

plasma was produced by a RF-plasma generator at the inlet to the chamber (300W power), 

which produced a BEP of ~1 × 10-5 Torr. Prior to growth, the substrate was subjected to a 20-

minute plasma anneal following the initial 10-minute anneal. Growth would proceed directly 

following the plasma anneal by opening the Ba and SnO2 shutters, keeping the plasma 

conditions the same as used during the anneal. The growth was monitored in situ via RHEED. 

Strongly Sn-rich or Ba-rich conditions produced spotty RHEED patterns indicating rough, 3D 

surfaces. For all the growths I performed, RHEED intensity oscillations were never observed. 

Streaky RHEED patterns were indicative of “good” growth conditions, though both insulating 

and high mobility films could exhibit very similar RHEED patterns, and thus RHEED was 

only a first-order check. Typical growths consisted of a UID buffer layer of approximately 1/3 

the total film thickness. The La shutter was opened at approximately 1/3 the total growth time 
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to dope the top 2/3 of the film. Total film thicknesses are generally ≥ 35 nm, which is 

sufficiently thick for achieving mobilities of 150 cm2 V-1 s-1  [80]. After growth, cooling the 

samples down under the oxygen plasma was found to have minimal effect. 

Once removed from the growth chamber, the samples were annealed in an oxygen 

atmosphere at 900 °C for 10 minutes to suppress oxygen vacancies using a rapid thermal 

annealer (RTA). The film structure was characterized by XRD to assess out of plane lattice 

parameters (aop) and film crystallinity. Laue thickness fringes were commonly observed, 

indicating relatively good crystalline quality, and were used to determine the film thickness. In 

general, it was found that the post-growth oxygen anneal could improve the crystallinity of the 

film as told by sharpening (or simply the appearance) of Laue fringes following the anneal. 

50nm Ti / 300nm Au ohmic contacts were deposited via electron beam evaporation on the 

corners of the sample, and room-temperature Hall measurements were performed in a vdP 

geometry to assess carrier densities and mobilities.  

 

2.1.3 Sample Variability 

Finally, a note on sample quality and variability. The studies presented here consist of a 

very small percentage of the total amount of growths performed, due to the observed need for 

almost constant calibration of the growth conditions. Calibrations were performed to find 

conditions which produced the highest mobility of films, and these conditions would then be 

replicated with minor tweaks for the particular study in question. It is common for films grown 

under nearly identical growth conditions within the same growth campaign to exhibit 

mobilities which might differ by 20-30 cm2 V-1 s-1. Thus, “good” growth conditions were 
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generally defined as those which could consistently produce films with mobilities above 120 

cm2 V-1 s-1. Mobilities were usually measured via vdP contacts, which essentially represent the 

“average” properties of the entire film. To investigate the possible source of this apparently 

random sample-to-sample variability, Hall bar structures were fabricated on two samples and 

the mobility and carrier density measured individually for each Hall bar. The resulting 

measurements are shown in Fig. 2.4. As can be seen, while the sheet carrier density n2D only 

varies by a small amount among the different devices, the mobility takes values in a range of 

50 cm2 V-1 s-1. This indicates relatively significant sample nonuniformity, and this is likely a 

common feature to all or most BaSnO3 films. 

 

 

Figure 2.4 -  (a) Hall mobilities and sheet carrier densities extracted from Hall bars fabricated on 

two different films. The mobility and sheet carrier density (n
2D

) measured via Van der Pauw (VdP) 

technique prior to Hall bar fabrication is also shown. (b) Optical micrograph of a BaSnO3 Hall bar. 

Adapted with permission from ref.  [89]. 

(a) (b)
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In theory, finding high mobility growth conditions would correspond to finding conditions 

which produced “stoichiometric” films, as nonstoichiometric defects are known to diminish 

mobility, and thus finding conditions of maximal mobility should correspond to the most 

stoichiometric conditions. For many other perovskite systems, stoichiometry can be elucidated 

via aop lattice parameter measurements, as is done for SrTiO3. BaSnO3 films were consistently 

fully relaxed, which eliminates residual strain as a component and thus the aop should match 

the bulk stoichiometric value of 4.116 Å for nominally stoichiometric growth conditions. 

However, aop measurements were routinely found to follow no observable trend whatsoever, 

neither with cation flux ratio nor with measured mobility. Additionally, many lattice parameters 

were found to be below the bulk, stoichiometric value. This is extremely uncommon as, for 

most perovskite oxides, non-stoichiometric defects tend to cause only lattice expansions, not 

contractions. A more complete collection of measurements illustrating this lack of trend can be 

found in ref. [95]. A trend of aop with cation flux ratio and mobility could be better observed 

once the oxygen plasma was removed from growth, described in detail in Section 2.4. Thus, it 

is possible that the use of the high oxygen pressure in the 1 × 10-5 Torr range – which is quite 

high for MBE growths – could have contributed some of the variability, though the reason is 

not well-understood.  

Other sample inconsistencies could be seen in the presence of SnO2 peaks in XRD and the 

degree of surface deposits seen in atomic force microscopy (AFM). Neither of these appeared 

to have any direct correlation with the mobility of the film, and no clear trend in why they 

would be more strongly observed in one sample and not the next could be established either. 

The most general trend was that SnO2 peaks could appear in films which utilized the highest 

SnO2/Ba flux ratios, though not always. It is most likely that the surface deposits seen in AFM 
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measurements were SnO2, though films with a high degree of surface deposits did not always 

exhibit SnO2 peaks in XRD, and vice versa. In any case, it is extremely unlikely that the SnO2 

exists as a secondary phase within the film, but rather formed on the surface after growth had 

finished (perhaps once exposed to air, as post-growth RHEED did not indicate the presence of 

such 3D-like features). 

 

2.2 BaTiO3/BaSnO3 Heterostructures 

The promise of a high-mobility channel material which can also be highly doped makes 

BaSnO3 a promising candidate for high-power and high-frequency field-effect transistor (FET) 

devices, as the combination of these two properties mean you can put a significant amount of 

charge carriers into the channel and then move them around with relative ease. However, 

extremely high peak fields can develop on the drain side of the gate in high carrier density 

devices like these, which can lead to dielectric breakdown. This effect can be mitigated by the 

use of a high-k dielectric under the gate, which serves to smooth out these lateral fields [9,96]. 

SrTiO3 and BaTiO3 were identified as excellent candidates for this purpose due to their 

relatively low mismatch with BaSnO3 (~ -5.4% and ~ -3%, respectively) and high dielectric 

constants (~250 for SrTiO3, and BaTiO3 is ferroelectric). 

Prior BaTiO3/BaSnO3 heterostructures had been grown by Chris Freeze and sent to 

collaborators in Prof. Siddharth Rajan’s group at the Ohio State University (OSU) for device 

fabrication [95]. For these samples, the BaSnO3 layer was grown, removed from the chamber, 

characterized, and then a diced section of the film (to remove areas with metal contacts) was 

loaded back into the MBE growth chamber for deposition of 20 nm of BaTiO3. For some of 
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these heterostructures, the BaTiO3 had difficulty wetting the surface of the BaSnO3, as 

described in ref.  [95]. It was also found that the gates were extremely leaky, even for relatively 

well-coalesced BaTiO3 layers. Thus, it was believed that some of the gate leakage could be 

attributed to interfacial defects between the BaSnO3 and BaTiO3, which may have formed as a 

result of exposing the BaSnO3 surface to ambient air before BaTiO3 deposition. Regardless of 

the leaky gates on some of these devices, some promising results were published which 

exhibited record high current densities of a BaSnO3-based FET device  [97,98]. 

 

2.2.1 Growth and characterization of BaTiO3/BaSnO3 heterostructures 

In order to reduce possible interfacial defects, heterostructures would be grown by growing 

the BaTiO3 directly after the BaSnO3 layer without breaking vacuum. Before growing the 

heterostructures, both BaSnO3 and BaTiO3 growth conditions were calibrated. The BaTiO3 was 

grown using a flux of Ba, TTIP, and oxygen plasma, at a substrate temperature of around 800 

°C. BaTiO3 growth conditions were calibrated by XRD aop measurements. For the BaSnO3 

layer, the target sheet carrier density requested by the OSU team was n2D < 4 ×1014 cm-2 for a 

~30 nm thick film such that the channel could be effectively pinched off if the heterostructure 

synthesis was successful. At the time, the highest achievable mobility for this relatively low 

carrier density was found to be 112 cm2 V-1 s-1 at a carrier density of 3.7 ×1014 cm-2. The AFM 

and XRD for this calibration sample are shown in Fig. 2.5. A small SnO2 peak can be seen in 

XRD, and the surface exhibited SnO2 deposits. Immediately following the growth of this 

calibration sample, a series of BaTiO3/BaSnO3 heterostructures were grown. Three 

heterostructures were grown with different thickness of the doped layer to see the effects this 
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would have for the FET devices: doped thicknesses of the top 2/3, 1/2, and 1/3 of the total 

thickness for samples A-C, respectively. The 3D doping density was kept constant, thus 

effectively reducing the total sheet carrier density as the doped thickness was lowered. These 

heterostructures were grown in succession, and RHEED was nominally normal for all 

heterostructures. 

Fig. 2.6 shows XRD and AFM for heterostructures A-C. Sample A exhibits relatively nice 

thickness fringes of the BaSnO3 layer after annealing, and small SnO2 peaks, which also appear 

in the calibration sample. Samples B and C, however, exhibit additional phases not seen in the 

calibration samples. The rather broad peak near 40 °2θ could be attributed to a BaO2 • 8H2O 

hydroxide phase, which has been seen before in BaSnO3 films, however, generally only in 

extremely Ba-rich conditions [94]. The other peak at around 30 °2θ could possibly belong to a 

misoriented BaSnO3 110 peak, which has also been seen in samples grown at too-low growth 

temperatures  [94]. The BaSnO3 110 peak was completely suppressed in both samples after the 

10-minute oxygen anneal. The BaO2 • 8H2O peak was fully suppressed after the oxygen anneal 

in Sample C, but only partially suppressed in sample B. While the surfaces of all  

 

Figure 2.5 – (a) XRD scan around the BaSnO3 002 and DyScO3 220 substrate peak. (b) wide-angle 

scan of the calibration sample, showing a peak from the contact (indicated by a *) and a small SnO2 

110 peak. (c) AFM of the surface of the calibration sample, showing surface deposits. 

SnO2

110 *

(a)

BaSnO3

002

DyScO3
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heterostructures are covered in deposits (unclear if these are all SnO2), no obvious signs of de-

wetting of the BaTiO3 layer are observed, other than some small, shallow pinholes in sample 

B (not shown). The BaTiO3 layer is fully relaxed in all cases. The BaSnO3 peak for samples A 

and B exhibited weak but present Laue thickness fringes after annealing, which allowed for a 

 

Figure 2.6 – (a-c) Wide-angle on-axis XRD scans for Samples A, B, and C, respectively. (d-f) High 

resolution XRD scan around the BaSnO3 and BaTiO3 002 peaks and the DyScO3 substrate peaks. (g-

i) AFM scans of the surfaces of samples A, B, and C, respectively 
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rough measurement of the thickness. Thickness fringes were not apparent for sample C, and 

thus the thickness was assumed to be similar to the other samples. 

Electrical properties of the heterostructures are given in Table 2.1. The BaSnO3 layer of 

sample A had the same structure as the calibration sample shown in Fig. 2.5. The expected 

sheet carrier density for samples B and C were estimated assuming a consistent doping density 

with the calibration sample and scaled by the thickness of the doped layer. The mobilities for 

samples B and C were too low to accurately assess via Hall measurements. For sample A, there 

is a reduction of the measured n2D by about 1×1014 cm-2, and a reduction in mobility down to 

86 cm2 V-1 s-1. 

Table 2.1 – Data for the four BaTiO3/BaSnO3 heterostructure samples described in the text. The 

expected n2D and μ values were based off of values measured in a calibration sample grown 

immediately prior to the heterostructures. Those marked with a * indicate the n2D and μ was 

estimated by assuming the same constant 3D doping density and mobility as the calibration 

sample. Samples B and C were found to be too resistive to accurately measure carrier density and 

mobility 

Sample A B C D 

Thickness (nm) 34 32 ~33 40 

Doped portion of total 

thickness 
2/3 1/2 1/3 2/1 

Expected n2D (cm-2) 3.7 × 1014 2.2× 1014 * 1.5× 1014 * 1.1× 1014 

Expected μ 

(cm-2 V-1 s-1) 
112 112 * 112 * 140 

Measured n2D (cm-2) 2.7 × 1014 - - ~2.5× 1013 

Measured μ  

(cm-2 V-1 s-1) 
86 - - ~10 
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Growth conditions for the BaSnO3 layer were further improved, and a calibration sample 

for a later heterostructure attempt exhibited a mobility of 143 cm2 V-1 s-1 at a sheet carrier 

density of 1.1 ×1014 cm-2. This sample had a more desirable sheet carrier density for pinch-off 

devices, and the raw mobility was higher. It was found later that this sample exhibited a small 

number of surface pits in AFM, possibly due to some surface deposits on the substrate. Another 

attempt at in situ BaTiO3/BaSnO3 heterostructure growth (sample D) was attempted 

immediately following the growth of the latest BaSnO3 calibration sample. The XRD and AFM 

for this sample are shown in Fig. 2.7. We again see the BaO2 • 8H2O phase and misoriented 

BaSnO3 110 peak, as well as SnO2 and an unidentified peak. Interestingly, the SnO2 peak 

appears to diminish in intensity after the oxygen anneal, whereas in most cases this peak will 

increase in intensity after the anneal. The BaSnO3 110 peak is fully suppressed by the anneal, 

but the BaO2 • 8H2O hydroxide phase somewhat remains. AFM shows surface pits in this 

sample as well, again likely due to the substrate as the same batch of substrates was used for 

the heterostructure sample as the BaSnO3 calibration sample. Height traces show these pits can 

extend up to 60 nm deep, which is roughly the thickness of the BaTiO3/BaSnO3 heterostructure, 

indicating they extend all the way down to the substrate. The electrical data for this 

heterostructure and its calibration sample are also shown in Table 2.1. A precipitous reduction 

in mobility is seen down to 10 cm2 V-1 s-1, which is near the regime where the Hall 

measurement can be deemed to be inaccurate. If the sheet carrier density is to be trusted, it 

appears that this sample also suffered from a reduction of about ~1×1014 cm-2, similar to 

Sample A.  
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2.2.2 Discussion 

It is unclear why the excess phases appeared for samples B-D but not for A. It is most 

probable that the excess phases exist at the BaTiO3/BaSnO3 interface, and likely formed due 

to a reaction between the layers. One possibility could be related to the SnO2 surface deposits. 

Though crystalline SnO2 is commonly observed in post-growth XRD, it is not known whether 

crystalline SnO2 exists on the film surface while still under vacuum after growth. Neither spotty 

nor ring-like RHEED patterns are observed after the growth of the BaSnO3 films, which would 

indicate that there is not a significant amount of rough crystalline deposits present at that time. 

Instead, it is possible that small droplets of liquid Sn remain present on the surface, which may 

oxidize upon seeing atmospheric oxygen. The idle temperature of the substrate in the growth 

chamber (i.e. when RHEED can be observed) is 300 °C, which is above the melting 

temperature of Sn (~232 °C), and thus these liquid droplets would never solidify such that they 

could be seen in RHEED. If these droplets are still on the surface when the BaTiO3 is deposited, 

 

Figure 2.7 – (a) High resolution XRD scan around the BaSnO3 and BaTiO3 002 peaks and the 

DyScO3 substrate peaks of sample D. (b) Wide-angle on-axis XRD scan. (c) AFM scan of the surface 

of sample D, showing a strange surface morphology including pits 
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it is very possible that they could lead to a reaction which could produce these extra phases. 

However, the fact that these extra phases did not appear for all heterostructures (including some 

not shown) clouds this picture. It should be noted that none of these excess phases seemed to 

appear for BaTiO3/BaSnO3 heterostructures in which the BaSnO3 layer was first removed from 

the growth chamber, though some of those did exhibit BaTiO3 wetting issues  [95]. 

Though the excess phases are clearly undesirable for high-performance devices, it is 

unlikely that their presence is the sole cause of the poor electrical properties of samples B-D. 

They likely existed at the interface between the layers, and as mentioned in previous sections, 

BaSnO3 mobility can be somewhat robust against the presence of macroscopic defects, 

including pits which extend down through the entire film layer. Instead, it is more likely that 

the primary cause for the degradation of mobility is due to carrier depletion caused by the 

epitaxial BaTiO3 layer.  As clearly evidenced in Sample A and possibly in Sample D, the 

addition of the BaTiO3 layer reduces the sheet carrier density by an order of ~1×1014 cm-2. This 

carrier depletion is likely caused by the ferroelectricity of the BaTiO3 film  [99], as opposed to 

a conduction band offset issue  [100]. With fewer carriers to screen the now relatively higher 

concentration of ionized dopant atoms, the mobility of the remaining carriers suffers, leading 

to lower mobility in the channel. It is likely that this occurred in all films, and those films with 

less sheet carrier density to begin with experienced stronger relative depletion, and thus the 

mobility suffered more strongly than in sample A. As a final note, it was reported to us by our 

OSU collaborators that the BaTiO3 gates of these heterostructures were extremely leaky, likely 

due to the dislocations propagating through the BaTiO3 from the BaSnO3, and others which 

may have newly formed due to the BaTiO3 relaxation. This leaky gate behavior was observed 

in previous BaTiO3/BaSnO3 heterostructures  [95]. 
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2.2.3 Conclusions 

Though plagued by unexplained secondary phases, it is likely that the BaTiO3 layer itself 

resulted in the poor performance of the BaTiO3/BaSnO3 heterostructures described here. This 

highlights an issue with BaSnO3 in general, in that it needs a sufficiently high carrier 

concentration to achieve the high mobility it is notable for. However, for high performance 

FET devices, the carrier density in the channel cannot be excessively high to allow for 

sufficient pinch-off. Thus, the overlap of the high-mobility region and the depletable FET 

region is small, if not nonexistent. The loss of mobility at low carrier densities is due to the 

high concentration of defects in BaSnO3 films, not only ionized dopant atoms, but threading 

dislocations and perhaps other non-stoichiometric defects as well. As such, with the current 

state of relaxed BaSnO3 films, it seems very difficult to achieve the high-performing BaSnO3-

based FET structures which relied on the presence of high carrier density in the channel. 

 

2.3 Lattice-Matched Growths 

Though MBE growth using an SnO2 source enabled growth of the highest mobility films, 

the lack of a lattice-matched substrate means that films are plagued by defect-reducing 

dislocations. From the study of growths performed by PLD on BaSnO3 substrates by Lee et al, 

it is evident that the use of the lattice-matched substrate can improve mobility above that of 

other PLD-grown films on lattice-mismatched substrates  [91] (yellow circles in Fig. 2.2). The 

use of excessively thick buffer layers (150 – 300 nm) to reduce the dislocation density in the 

active layer also does result in some of the highest reported mobilities in MBE-grown 
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films  [58,84], though the improvement in mobility is marginal over that which can be achieved 

with much thinner buffer layers. 

In order to disentangle the effect of dislocations from other possible defects, lattice-

matched growths are a valuable tool, even when the availability of the lattice-matched 

substrates is extremely small and thus not immediately scalable. Here, we describe some very 

limited growths on two types of lattice-matched substrates: SrZrO3 and BaSnO3. 

2.3.1 SrZrO3 substrates 

SrZrO3 has a pseudocubic lattice parameter of 4.103 Å and thus a lattice mismatch of only 

~ -0.3% with BaSnO3 (Fig. 2.1). However, due to the high melting temperature of SrZrO3, 

high-quality substrate crystals are difficult to produce, and thus are not widely available. A 

batch of SrZrO3 substrates had been purchased by previous students from MaTeck GmbH. Due 

to the difficulty in growing large, high-quality crystals of this material, the largest substrate 

size that could be obtained were only 3 mm × 3 mm, smaller than the typical 5 mm × 5 mm 

used for our BaSnO3 growths. This is undesirable as the smaller substrate size necessitates a 

different type of substrate holder used for growth, which relies on spring-clamps on the side of 

the substrate rather than small pins that clamp on the sample surface (Fig. 2.8). The surface pin 

design is not used here as they need to be large enough to reliably hold the sample in the block, 

but this would cover a relatively larger area of the smaller substrate surface than they do for 

larger substrates. This type of substrate holder has a much higher propensity for nonuniform 

heat coupling into the substrate. 

The desired crystallographic surface plane for the SrZrO3 substrates was the (100) 

pseudocubic plane, or (100)pc, which essentially corresponds to the (110) plane using the  
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Figure 2.8 – (a) Traditional Mo faceplate used to hold 10 mm x 10 mm substrates, which rely on 

small pins which contact the surface and hold the substrate in the assembly. (b) Spring-clamp 

faceplate design used for 3 mm x 3 mm substrates. A grid of wires is used to prevent the substrate 

from falling through the hole which allows for radiative heating of the substrate. 
 

formal orthorhombic unit cell of SrZrO3, or (110)or. Through a miscommunication with the 

supplier, the crystals that were delivered were oriented in the (100)or plane, corresponding to a 

(110)pc plane. The preferred growth direction of BaSnO3 is [001] and thus growth on (100)-

oriented substrates leads to smooth planar growth. Consequently, (110)pc-oriented substrates 

induce [110] growth and lead to 3D surface faceting of the BaSnO3. Further issues with the 

substrates can be seen in Fig. 2.9, where the rocking curve XRD measurement of the substrate 

shows multiple humps indicating poor crystalline quality (again due to the difficult crystal 

growth). The SrZrO3 substrates were backed with 250 nm of Mo in the same way as other 

substrates. 

Growth calibrations were carried out using 3 mm × 3 mm DyScO3 (110) substrates. The 

highest mobility measured in the DyScO3 calibration samples was ~100 cm2 V-1 s-1, owing to 

the suboptimal heat uniformity of the smaller substrate holder. The single growth on a SrZrO3  
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 substrate produced a mobility of 131 cm2 V-1 s-1, significantly higher than any of the 3 mm × 

3 mm calibrations (Fig. 2.10(a)). As expected, the growth proceeded in a 3D fashion due to the 

[110] growth direction of the BaSnO3 film. A shoulder corresponding to the BaSnO3 220 peak 

 

Figure 2.9 – XRD rocking curve scan of the 220 reflection of a SrZrO3 substrate. Multiple 

asymmetric peaks are seen, indicating poor crystalline quality. 

 

Figure 2.10 – (a) Comparison of mobilities achieved for calibration samples compared to the 

mobility of the growth on the 3mm x 3mm SrZrO3 substrate. The growths on 3mm x 3mm DyScO3 

are severely reduced from what can generally be achieved on 5mm x 5mm DyScO3 substrates. (b) 

On-axis XRD scan around the 200 (orthorhombic) reflection of SrZrO3 and the BaSnO3 220 

reflection, showing the appearance a shoulder corresponding to the BaSnO3 peak position after film 

growth. 
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is seen to appear in post-growth XRD (Fig. 2.10(b)). Cross-section STEM shown in Fig. 2.11 

shows an abrupt interface and no observable dislocations or extended defects. This confirms 

that the closely lattice-matched SrZrO3 substrate enabled the growth of a coherently strained 

BaSnO3 film. The film thickness is roughly the same thickness as that of the calibration 

samples (~50 nm), but the measured doping density is lower. 

 

Figure 2.11 – Cross-section STEM images of the BaSnO3/SrZrO3 interface. A sharp interface is 

observed with no clearly identifiable extended defects, indicating a fully strained film. STEM images 

courtesy of Salva Salmani-Rezaie. 

 

 

2.3.2 BaSnO3 Homoepitaxy  

The successful growth of relatively large single crystals of BaSnO3 using a hydrothermal 

method by collaborators at Clemson University  [101] afforded the opportunity to attempt a 

small number of homoepitaxial growths using the crystals as substrates. These results will not 

be discussed in detail, as they essentially amount to a single data point, but the experience 

further highlights some known difficulties in achieving high mobilities in MBE-grown BaSnO3 

films. 
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The crystals used were (100) oriented slabs with approximate dimensions of 5 mm × 5 mm 

× 0.5 mm. As can be seen in Fig. 2.12(a), these did not have perfect dimensions due to the 

difficulty in achieving crystals with significantly larger dimensions than 5 mm × 5 mm. A small 

batch of crystals were cut and polished by a commercial polisher and delivered to us at UCSB. 

These crystals exhibited excellent crystallinity as seen by the rocking curve scan in Fig. 

2.12(b). 250 nm of Mo was deposited on the back of the crystal, as is done for other substrates. 

AFM revealed that the crystals possessed a rather significant amount of surface deposits even 

after washing with acetone and isopropanol. Growths were attempted despite this, as a more 

aggressive cleaning treatment was not advised due to the brittleness of the crystals. 

RHEED of the BaSnO3 substrate exhibited streaks, indicating a smooth crystalline surface, 

though the streaks were somewhat weak and diffuse as a result of the surface deposits [Fig. 

2.13]. The RHEED of the La-doped film was sharper and more intense, indicating that the 

films grew in a 2D fashion and with a smooth surface, despite the substrate surface deposits. 

 
 

Figure 2.12 – (a) Photograph of the BaSnO3 single crystal used as a substrate for homoepitaxial 

BaSnO3 growth. (b) XRD rocking curve scan of the 002 reflection of the BaSnO3 single crystal 

substrate, which exhibits a low FWHM of 0.024° indicating good crystallinity 

BaSnO3 crystal

(a)

FWHM = 0.024 

(b)
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XRD of the homoepitaxial film exhibited no additional phases, only a slight broadening of the 

BaSnO3 peaks relative to that of the bare substrate [Fig. 2.13(c)]. Cross-section STEM was 

performed to further characterize the homoepitaxial film, as shown in Fig. 2.14. While some 

extended defects can be seen in the substrate, there is no evidence of relaxation-induced 

dislocations in the film. The film thickness was measured to be approximately 41 nm, and 

though the film is homoepitaxial, a contrast at the interface can be clearly observed. In Fig. 

2.14(b), a surface pit is seen to extend through almost the entire film thickness. Post-growth 

AFM also shows pits that are approximately as deep as the film thickness. These pits are likely 

due to the presence of the surface deposits preventing growth in the regions they covered. 

A calibration growth using a DyScO3 (110) substrate was performed immediately prior to 

the homoepitaxial growth attempt, which exhibited a room temperature mobility of 150 cm2 

 

Figure 2.13 –  RHEED pattern of (a) the BaSnO3 substrate surface and (b) the epitaxial La-BaSnO3 

film. The relatively weak streaks and diffuse background of the substrate are likely due to surface 

deposits. (c) On-axis XRD scans of the bare BaSnO3 (BSO) substrate and the La-BaSnO3/BaSnO3 

heterostructure. The epitaxial film induces a slight broadening of the 002 peak. 
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V-1 s-1. The measured mobility of the homoepitaxial film, however, was only 53 cm2 V-1 s-1. 

The thickness of the calibration sample was 70 nm, compared to 41 nm of the homoepitaxial 

film, indicating vastly different growth conditions. The pits are not believed to be the cause of 

the low mobility, as other samples with surface pits have exhibited high mobility (Appendix 

A). Instead, the different growth environment experienced by the irregularly-shaped BaSnO3 

substrate from that of more uniformly shaped commercial substrates likely resulted in a drastic 

shift of growth conditions. Specifically, the irregular shape could have led to sub-optimal heat 

transfer into the film, resulting in a different (and more nonuniform) effective substrate 

temperature. If the thermal properties of BaSnO3 are markedly different from the other 

perovskite oxide substrates, this too could lead to a different effective growth temperature and 

thus different growth conditions from the calibration samples, though it is assumed these 

 

Figure 2.14 – Cross-section STEM images of the BaSnO3 (film) / BaSnO3 (substrate) homoepitaxial 

sample. In (a) the interface can be seen as a faint horizontal line indicated by the black arrow. Though 

extended defects can be seen to originate from the substrate, no relaxation-induced dislocations are 

observed in the film, as is expected for homoepitaxial growth. (b) A surface can be seen (yellow 

arrow), which nearly extends down to the substrate. STEM images courtesy of Salva Salmani-

Rezaie. 
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differences are negligible. In any case, further evidence for the shifted growth conditions with 

the BaSnO3 substrate can be seen by the drastic change in growth rate. 

 

2.3.3 Conclusions: Lattice-matched growths 

The elimination of dislocations is likely the cause of the mobility improvement of the 

growth on the SrZrO3 substrate compared to calibration samples grown on DyScO3. It was 

believed that growth conditions were as well-calibrated as could be achieved for 3 mm × 3 mm 

growths which necessitate the suboptimal setup, and thus this single growth represents the 

most that could be hoped to be learned from such a study, unless a vastly improved substrate 

holder design could be made or larger substrates of SrZrO3 were made available. 

While only a single growth was performed using the first batch of BaSnO3 crystal 

substrates and thus results by no means represent an extensive study, some very basic 

observations can be made: (i) as expected, homoepitaxial growth resulted in no misfit 

dislocations, (ii) the elimination of misfit dislocations did not have a strong influence on 

mobility improvement which could overcome the drastic limitations caused by sub-optimal 

growth conditions. Similar to the SrZrO3 growths, this again highlights the fact that, while 

misfit dislocations undoubtedly reduce mobility in the absence of other mobility-limiting 

factors, they are likely not the ultimate limiter of mobility in MBE-grown films. 

It is noted that a second homoepitaxial growth carried out by Wangzhou Wu on a later batch 

of BaSnO3 crystal substrates exhibited higher mobility of 115 cm2 V-1 s-1. This was performed 

on a more regularly-shaped crystal with a cleaner surface. Additionally, this crystal substrate 

was oriented in the less-favorable (110) orientation, similar to the SrZrO3 substrate orientation. 
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2.4 Stoichiometry control in MBE-grown BaSnO3 films 

 The reduction of threading dislocations does not scale with improvement in mobility as 

strongly as would be expected if dislocations were the primary limiter of mobility [80]. The 

use of undoped buffer layers marginally improves mobility, but even for excessively thick 

buffer layers (> 150 nm), mobility is limited to below 200 cm2 V-1 s-1  [58]. As can be seen in 

Fig. 2.15, growths on DyScO3 substrates have been able to produce the highest mobility even 

though PrScO3 is more closely lattice-matched. This in part could be due to the sheer larger 

number of growths performed and thus calibrated using DyScO3 substrates, but this also 

highlights the fact that simply reducing the density of threading dislocations from film 

relaxation doesn’t necessarily result in a drastic mobility improvement and that growth 

 

Figure 2.15 – Comparison of maximal La-BaSnO3 film mobilities grown on various 

commercially available substrates at UCSB by MBE using a SnO2 source. Though PrScO3 has 

the lowest lattice mismatch with BaSnO3 (-2.2%), the highest mobilities have been measured on 

films grown using DyScO3 (110) substrates (-4%). 
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conditions (and presumably stoichiometry) play a similar role, as was also observed in limited 

lattice-matched growths. 

 It has been claimed that growing BaSnO3 using SnO2 as a source affords an adsorption-

controlled growth window [84]. However, it should be noted that this is not synonymous with 

perfect composition control, only the controlled growth of a single phase. The use of SnO2 aids 

in the incorporation and oxidation of Sn to form BaSnO3, as using metallic Sn with an oxidant 

results in the formation of Sn droplets on the growth surface and poor growth quality  [80]. 

The fact that SnO, the primary species evaporating from SnO2  [83], is volatile affords the 

opening of the adsorption-controlled growth window. However, the prevalence of SnO in the 

vapor of SnO2 also highlights the fact of the dual valence of Sn: Sn4+ (as it exists in SnO2) is 

favored in oxidizing conditions, and Sn2+ (as it exists in SnO) is favored in reducing conditions. 

In the high vacuum (i.e. reducing) environment of MBE, the pre-oxidized Sn is provided 

primarily as Sn2+. In a II-IV perovskite such as BaSnO3, the formal charges of the ions are 

A2+B4+(O2-)3, and thus Sn must take the Sn4+ valence to sit on the B-site. The adsorption-

controlled growth afforded by the volatility of SnO differs from that exhibited for other 

perovskites which possess a volatile binary oxide of one of the constituents, such as PbTiO3. 

The adsorption-controlled growth of PbTiO3 is afforded by the volatility of PbO [102], which 

contains Pb2+. Pb also exists in the Pb2+ charge state in PbTiO3. Similarly, for the hybrid growth 

of SrTiO3, TTIP supplies Ti in the Ti4+ charge state, as it exists in Sr2+Ti4+(O2-)3. In contrast, 

SnO does not supply Sn in the appropriate valence state, and the Sn2+ must be further oxidized 

to Sn4+ by an additional oxidant. However, the dual valence of Sn also opens the possibility 

for it to incorporate on the A2+ site as the antisite defect SnBa, which has been shown by DFT 

to be a stable defect in BaSnO3 in oxygen-poor conditions [103]. Therefore, unless sufficiently 
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oxidizing conditions can be achieved, there is a high propensity for SnBa to form when growing 

BaSnO3 via high-vacuum methods. 

In the following study, we grew BaSnO3 films under various oxidant conditions to explore 

its effects on the stoichiometry of the films. Rather surprisingly, we found it possible to grow 

moderately high-mobility films without an additional oxidant at all, indicating that the SnO2 

source not only provides Sn but also a significant amount of O. Lattice constant measurements 

were consistently lower than the stoichiometric value in almost all films, which is likely a 

consequence of significant amounts of SnBa antisite defects even in the highest mobility films 

achieved here. The additional oxidants shifted the growth conditions but were unable to 

eliminate SnBa defects, likely indicating their presence even in the highest-mobility films 

grown by MBE. 

 

2.4.1 Description of experiment 

La-doped BaSnO3 films were grown by MBE on (110) DyScO3 substrates. Three sets of 

films were grown, differentiated by the use of an oxidant: a set grown without any co-supplied 

oxidant (“no oxygen” films), a set using just molecular oxygen, and a set using oxygen RF-

plasma. Prior to growth, all samples were annealed at the growth temperature of 850 °C 

followed by a 10-minute oxygen plasma exposure. For the films grown with a co-supply of 

oxygen plasma, the growth proceeded directly following the 10-minute plasma anneal, keeping 

the same conditions for the plasma. The oxygen BEP was held at ~1.0 × 10-5 Torr during the 

growth of films using molecular oxygen, but the RF plasma source was turned off following 

the anneal. For the samples grown without any co-supplied oxidant, the chamber was allowed 
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to pump for 5 minutes following the plasma anneal to reduce background oxygen, followed by 

growth using only Ba, La, and SnO2. For each condition, a series of films were grown at 

different SnO2/Ba flux ratios by keeping the SnO2 cell temperature constant and varying the 

Ba flux. Growth times were adjusted to compensate for the change in growth rate due to 

difference in Ba flux to achieve films with thicknesses ≥ 35 nm. The growth rate was found to 

be Ba-limited for all growths regardless of oxidant condition (Fig. 2.16). 

 

Figure 2.16 – Film growth rates as a function of Ba flux for the films presented in this study. Adapted 

with permission from ref.  [89] 

  

The La flux was adjusted to keep the doping density within the ~1 × 1019 – 3 × 1020 cm-3 

range, as mobility is relatively independent within this range. It is important to note that the 

mobile carrier density is affected by the growth parameters that were varied in these 

experiments, not just the La flux. These include cation flux ratios and the oxygen supply, which 

determine dopant activation and the concentration of compensating defects  [103,104], and the 

growth rate. As mentioned above, state-of-the-art BaSnO3 films all seem to exhibit some 

degree of nonuniformity and variability in electrical properties despite nominally identical 

growth conditions, as is also seen in the literature  [84]. As such, differences in mobility values 
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of a few 10’s of cm2 V-1 s-1 are not taken as significant and instead systematic trends are the 

focus of this study. Robust indicators such as insulating behavior and large deviations from 

high mobility – which here we will define as 120 cm2 V-1 s-1  – within this doping range as 

being indicative of the introduction of defects. 

 RHEED was used to monitor the growth. Structural characterization of the films was 

carried out via high-resolution XRD: a triple-axis configuration was used to assess out-of-plane 

lattice parameters aop, and open detector scans were used to assess film crystallinity. Straight-

beam alignments were performed prior to every measurement to eliminate any residual 

instrumental offset. When XRD thickness fringes were not present, x-ray reflectivity (XRR) 

was used to calculate film thickness. For films with poor XRR due to the surface morphology, 

the thickness was estimated from the Ba flux due to Ba-limited growth rate (Fig. 2.16). 

Electrical measurements were performed in a vdP geometry as described in section 2.1.2.  

 

2.4.2 Results 

Figure 2.17 shows XRD data of films grown with different SnO2/Ba flux ratios and the 

various oxidant conditions (no oxygen, oxygen, and oxygen RF-plasma). All films exhibit the 

002 BaSnO3 reflection, indicating successful epitaxial growth of the BaSnO3 perovskite phase 

for all growth conditions. The no-oxygen sample grown at SnO2/Ba = 15 also exhibits a wide 

hump on the low-angle side of the 002 BaSnO3 peak, which can be seen more clearly in wide-

angle scans (Fig. 2.18). This peak may belong to a Ba-rich phase, possibly Ruddlesden-Popper 

Ba2SnO4  [105]. Films grown with oxygen do not exhibit the Ba-rich peaks in XRD. Some 

films also exhibit weak SnO2 peaks in wide-angle scans. 
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Figure 2.17 – [(a)-(c)] On axis XRD scans around the BaSnO3 002 reflection for films grown with 

(a) no additional oxygen (b) molecular oxygen, and (c) oxygen plasma. [(d)-(f)] Rocking curve 

measurements around the BaSnO3 002 reflection for films grown with (a) no oxygen, (b) molecular 

oxygen, and (c) oxygen plasma. The triangles mark the 002 BaSnO3 reflections, and the asterisks 

mark the 220 DyScO3 substrate reflections. Adapted with permission from ref. [89]. 

 

Figure 2.18 – Wide-angle on-axis XRD scan of the no oxygen film grown with flux ratio SnO2/Ba 

= 15, showing a broad hump that may correspond to the Ruddlesden-Popper Ba2SnO4 002 reflection. 
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X-ray rocking curves are shown in Figs. 2.17(d)-(f). Their widths represent the crystal 

surface quality and crystalline perfection of the films’ interiors. For example, for the films 

grown without additional oxygen [Fig. 2.17(d)], the narrow curves are also those that exhibit 

thickness oscillations in Fig. 2.17(a), indicating smooth surfaces. These films are grown with 

the highest SnO2/Ba flux ratios and all have similar full width at half maxima (FWHM) values 

of 0.097°, 0.068°, and 0.099°. The differ, however, in the width of the lower portion of the 

rocking curve, which typically contains the diffuse scattering from point defects. The width of 

the rocking curve wing correlates with the measured mobility, indicating that the point defects 

giving rise to the intensity in this portion of the rocking curve are also ones that affect the 

mobility. 

Samples grown with additional oxidant show a less systematic relationship between carrier 

mobility and rocking curve widths. Oxygen tends to reduce the mobility of arriving adatom 

species on the growing film surface  [106]. This negatively affects crystalline perfection and 

surface quality and both cause broadening of the rocking curves. In addition, for some samples, 

the 220 peak from DyScO3 substrate displays a shoulder that is reflected in an asymmetry in 

the film rocking curve, such as for the 35.4 ratio film [Figs. 2.17(c) and (f)].  

Figure 2.19 compares the measured aop and Hall mobilities μ. Samples that were too 

resistive to reliably measure the Hall mobility are displayed as having μ = 0 cm-2 V-1 s-1. Three 

important observations can be made: (i) most measured aop are smaller than the reported 

stoichiometric values for BaSnO3 (indicated by the dotted line), (ii) the mobilities are highest 

near the minimum in aop , rather than near the apparent stoichiometric value, and (iii) addition 

of oxygen shifts the growth conditions to achieve films that exhibit the highest mobility to 

lower SnO2/Ba ratios, compared to films grown with no additional oxygen. In addition, slightly  
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higher mobilities are achieved in the films grown with extra oxygen. As mentioned previously, 

we note that the small aop is not caused by residual epitaxial coherency strains, as 

compressively strained films would lead to an expanded aop. The films are confirmed to be 

fully relaxed, and indeed also show contracted in-plane lattice parameters as seen in a 

representative RSM in Fig. 2.20. 

 

2.4.3 Discussion 

A main result is the successful growth of BaSnO3 without any co-supplied oxidant. This 

shows that oxygen-containing species needed to form the BaSnO3 perovskite phase are mainly 

supplied by the flux from the SnO2 cell, i.e. SnO and a small amount of O2 The small amount 

of O2 in the flux from the SnO2 cell suggests that films grown without an additional oxidant 

are grown in oxygen-poor conditions. If SnO is the main source of oxygen, then growth 

 

Figure 2.19 – Out-of-plane lattice constant aop (yellow circles, left axis) and the measured Hall 

mobilities (blue triangles, right axis) as a function of SnO2/Ba BEP ratio for films grown with (a) no 

additional oxidant, (b) molecular oxygen, and (c) oxygen plasma. Adapted with permission from ref. 

[89].  
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conditions are likely also Sn-rich. Sn-rich conditions are supported by the Ba-limited growth 

rates (Fig. 2.16). In the absence of a true MBE adsorption-controlled growth window or for  

 compounds that are not true line compounds, nonstoichiometric growth conditions will induce 

native point defects, such as vacancies or antisite defects  [64,102,107]. 

Next, we discuss possible defects, beginning with the films grown with no additional 

oxygen. The deviation of the lattice parameter from its stoichiometric value provides 

information about the prominent defect(s). Cation vacancies cause a lattice expansion in most 

perovskites and may in BaSnO3 as well  [65,81]. Oxygen vacancies cause virtually no variation 

in the lattice parameter of SrTiO3 thin films  [108], although there are indications that they may  

cause a moderate lattice expansion in BaSnO3  [93]. In contrast, Sn2+ incorporation on the Ba 

site may lead to a lattice contraction  [109], because the Ba site is large compared to the ionic 

radius of Sn2+. In general, perovskites that incorporate Sn on the A site are found to exhibit 

reduced lattice parameters [110–112]. Therefore, we posit that the small aop are a fingerprint 

 

Figure 2.20 – Reciprocal space maps (RSMs) for a no oxygen sample grown with a SnO2/Ba BEP 

ratio of 60.0 around (a) on-axis BaSnO3 002 and DyScO3 220 peaks, and (b) off-axis BaSnO3 103 

and DyScO3 332 peaks. The crosses in (b) indicate the expected position of the reflection for a fully 

relaxed, stoichiometric BaSnO3 film. Adapted with permission from ref. [89].  
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of SnBa formation in these films. Given oxygen-poor, Sn-rich conditions, SnBa is a likely 

mechanism to accommodate Sn excess in the high-mobility films. This is also consistent with 

DFT calculations for these conditions  [103,104,113].  

On the low SnO2/Ba flux ratio side, some films appear to possess aop values that are closer 

to the stoichiometric values, though their poor electrical properties indicate that these films are 

not stoichiometric. A more likely scenario for the apparent stoichiometric aop is that another 

defect, which causes a lattice expansion, compensates for the lattice contraction caused by 

SnBa. According to DFT  [103,104], under Sn-rich conditions, Ba vacancies (𝑉Ba
′′ ) and SnBa are 

favorable. Donor dopants may under certain conditions also favor cation vacancies  [114]. In 

contrast to SnBa, 𝑉Ba
′′  are likely to cause a lattice expansion and furthermore to act as 

acceptors  [113]. From the change in lattice parameter seen in Fig. 2.19(a), it is apparent that 

𝑉Ba
′′  are more favorable under conditions that are less Sn-rich and possibly also more oxygen 

poor (larger lattice parameter). As the SnO2/Ba flux ratio is increased their concentration 

decreases, most likely by incorporation of Sn2+ on the empty Ba sites, which causes the lattice 

parameter to decrease. The increase in mobility with increasing SnO2/Ba flux can then be 

explained with SnBa filling the negatively charged 𝑉Ba
′′ , which should scatter more strongly by 

ionized impurity scattering and/or trap mobile carriers than the charge-neutral SnBa. Ultimately, 

however, even charge-neutral defects contribute to carrier scattering and reduce their 

mobilities. We note that another defect candidate causing a lattice expansion could be oxygen 

vacancies, 𝑉O
°°. The high degree of La-doping should, however, suppress the formation of 𝑉O

°°, 

while promoting compensating 𝑉Ba
′′   [104]. 

This general picture is further confirmed by considering the trends in the films grown with 

additional oxygen. Lower- than-stoichiometric aop are exhibited by these films as well, pointing 
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to the presence of SnBa defects. Therefore, it appears that even in the presence of additional 

oxygen during growth, even in the form of an activated plasma, the conditions are still Sn-rich. 

The main effect of additional oxygen supplied by the molecular or plasma source is to shift the 

growth conditions. The extra oxygen shifts the growth conditions for high mobility films 

toward lower SnO2/Ba ratios. This is consistent with the interpretation discussed above: the 

extra oxygen alleviates the need to supply a large amount of oxygen via SnO, making the 

conditions less Sn-rich. Thus, the only way to improve the cation stoichiometry of BaSnO3 

films would be achieve vastly more oxidizing conditions, which appears to be difficult to 

achieve within the constraints of MBE. Already, one difficulty for the films grown with 

additional oxygen supply is the oxidation of the Ba source material and associated Ba flux 

instabilities [115]. 

Finally, it should be noted that the observed variations in carrier density (n3D) of about ~1-

4 × 1019 cm-3 for films grown at different cation flux ratios would indicate that the 

concentration of electrically active defects from non-stoichiometry is estimated to be less than 

1%. This degree of non-stoichiometry is difficult to detect with most thin film physical 

characterization techniques, while nevertheless being significant enough to strongly affect the 

electrical properties. 

 

2.4.4 Conclusions 

It has been demonstrated that La-doped BaSnO3 films can be grown by MBE using only 

Ba, La, and SnO2 effusion sources which exhibit mobilities on par with growths utilizing 

additional oxidants. Even when oxygen is supplied, however, lattice parameter measurements 



64 

 

indicate that films are nonstoichiometric. It has been argued that the films are Sn-rich and that 

the origin of this are twofold: SnO is a major source of the oxygen incorporated in the films 

and the dual valency of Sn facilitates the formation of SnBa antisite defects, which can 

accommodate excess Sn. Moreover, the study showed that films with an apparent 

stoichiometric lattice parameter are, in fact, also nonstoichiometric, most likely because the 

effects of two defects on the lattice parameter compensate each other in this regime. Thus, 

unlike materials that are much closer to line compounds and can be fully oxidized, such as 

SrTiO3, care should be taken to make claims of an MBE growth window based on lattice 

parameter measurements. In addition to developing substrates that have a reduced lattice 

mismatch, the key to achieve BaSnO3 films with higher mobilities will be more oxidizing 

conditions, which is challenging in MBE. 
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Chapter 3. Sr3SnO 

Sr3SnO belongs to a family of antiperovskites predicted to host Dirac fermions at the Fermi 

level due to a protected band crossing. Not only is the promise of an oxide 3D Dirac semimetal 

interesting in its own right, but polycrystalline samples have been shown to exhibit 

superconducting transitions. The combination of superconductivity and topologically 

nontrivial band structure opens up the possibility that Sr3SnO is an intrinsic topological 

superconductor, which brings with it the promise of Majorana fermions. However, 

superconductivity has only been observed in polycrystalline samples which contain additional 

phases, and thus it is not certain whether Sr3SnO itself is the superconducting phase. More 

synthesis work of crystals or, in this case, thin films is necessary to probe whether a phase-

pure Sr3SnO sample indeed exhibits superconductivity. Along with the interesting electronic 

structure brought about by the unusual anionic 4- charge state of Sn in these materials is 

extreme air-sensitivity. As such, though UHV thin film growth environments such as MBE are 

by nature well-suited for air-sensitive materials, the need to remove samples from vacuum to 

perform ex situ measurements and characterization poses significant experimental difficulties.  

Here I describe my very preliminary work in getting the growth of Sr3SnO off the ground 

at UCSB. Using very broad strokes, growth conditions for crystalline or semi-crystalline films 

were eventually found and then further improved upon. The crystal structure of Sr3SnO has a 
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surprising degree of similarity to two other very relevant materials: YSZ, which is a possible 

substrate material, and SrO, which could both be an unintentional secondary phase as well as 

serve as a wetting layer. This translates into nontrivial overlap in crystallographic peak 

reflections in XRD, which was eventually addressed. The air-sensitivity is also mitigated by 

the development of an in situ capping layer, afforded by the relative ease and convenience of 

growing ZrO2 via a metal-organic precursor, which was already a capability of the growth 

chamber being used for the antiperovskite growth. Though my work was only preliminary, it 

served as a basis for the very insightful work in the continuation of Sr3SnO growth by fellow 

group member Wangzhou Wu [87,88]. 

 

3.1 Previous Experimental Work 

We begin by briefly summarizing some of the previous experimental work of growth and 

characterization of single crystals of various A3BO antiperovskite oxides, where A = Ca, Ba, 

or Sr, and B = Sn or Pb. We then discuss the studies reporting superconductivity in 

polycrystalline samples of Sr3-xSnO. We finally detail some thin film growth work on Sr3-xSnO, 

which was used in part as a foundation for the experimental work presented in this chapter. 

 

3.1.1 Single Crystals 

Single crystals of Sr3PbO and Ca3PbO, both of which are expected to host Dirac dispersions 

at the Fermi level, have been successfully synthesized and electrically characterized. [116,117] 

Native hole doping due to A-site deficiency was observed in these samples, which could be 

mildly controlled with synthesis conditions. Low-temperature magnetotransport measurements 
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were able to access Shubnikov-de Haas (SdH) oscillations owing to the high mobility of the 

single crystals (> 1000 cm2 V-1 s-1). These measurements in both materials were consistent 

with the existence of 3D Dirac electrons. As will be a theme for all of the experimental work 

on antiperovksites, care was taken to protect the crystals from air exposure when necessary. 

 

3.1.2 Superconductivity in polycrystalline Sr3-xSnO 

In 2016, polycrystalline samples of Sr-deficient Sr3SnO (Sr3-xSnO) were reported to exhibit 

superconductivity with a Tc of ~5 K [21]. As consistent with other antiperovskite oxides, The 

Sr vacancies resulted in p-type behavior. Subsequent work revealed that the superconducting 

transition was observed for nominal Sr-deficiencies of 0.35 < x < 0.65 [22]. Though the Tc was 

constant for all superconducting compositions, the diamagnetic fraction changed with nominal 

composition. All samples showed evidence of additional phases beyond the Sr3-xSnO [21–23], 

including SrO, Sn, and SnO. Metallic Sn has a Tc of 3.7 K, and SnO is predicted to be 

superconducting only under pressure. The authors claim this is sufficient evidence that the 

superconducting phase is neither of these impurity phases. Furthermore, it is pointed out that 

there are two Sr-Sn alloys which are known to be superconducting: SrSn3 (Tc = 5.4 K) and 

SrSn4 (Tc = 4.8 K), however, much care was taken to demonstrate that the expected signatures 

of these phases were not present in the XRD of the samples, and thus deemed not to be present 

as one of the additional phases which could possibly be the superconducting phase. While it is 

noteworthy that the strongest peaks expected for these phases do not appear present even in 

synchrotron data, the nature of the polycrystalline, mixed-phase samples along with the 
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remarkably similar Tc’s of the Sr-Sn alloys to those measured in the samples calls in the 

question the possibility that the Sr3-xSnO might not be the superconducting phase. 

 

3.1.3 Sr3-xSnO films grown by MBE 

Prior to the beginning of our work, successful synthesis of the Sr3SnO and Sr3-xSnO phases 

by MBE had already been demonstrated [118,119]. These studies grew the materials using 

elemental Sr and Sn sources, along with a 2 % O2 in Ar mixture for the oxygen supply. The 

dilute mixture was used to avoid strongly oxidizing conditions, which are detrimental to 

achieving the strongly reduced Sn4- charge state, and had been demonstrated to be effective for 

improving the growth quality of Sr3-xPbO films previously [120]. To protect the films from air 

exposure such that they could be measured, the authors utilized a vacuum suitcase to transfer 

the sample to an inert atmosphere glovebox, where Au contacts could be deposited. The 

remaining surface was covered with Apiezon-N grease. Magnetotransport of the films was 

characterized at low temperatures, which exhibited a maximum mobility of 270 cm2 V-1 s-1 at 

10K, and thus no SdH oscillations were observed at the magnetic fields used. It was found that 

adjusting the Sr/Sn flux ratio used during growth could modulate the carrier density due to the 

changing the concentration of cation vacancies. No superconductivity was reported down to 

2K. XRD measurements revealed no impurity phases. 

After the beginning of some of the work described below, other authors reported successful 

growth of Sr3-xSnO by MBE using SnO (from SnO2) and Sr sources, without the need for co-

supply of oxygen [121]. Again, no impurity phases were obvious in XRD, though the reasoning 

for ruling out the presence of SrO in the films is not robust: they claim that the presence of SrO 
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mixed with the Sr3SnO should exhibit a double-peak at a particular off-axis peak based on 

powder diffraction data, however, this data being a thin film would imply a certain degree of 

preferred orientation which can hide such a double-peak feature. Samples were transferred to 

an in situ four-probe electrical measurement system without breaking vacuum, and measured 

down to 2 K. Samples were metallic but did not exhibit superconductivity. No magnetic field 

could be applied for Hall measurements. 

From this previous work, it can be generally expected that a film which possesses the 

nominal Sr3SnO phase likely contains some degree of Sr deficiency, and thus is more correctly 

Sr3-xSnO. As such this is likely the case for the films being presented in the following sections. 

However, for simplicity, and because no electrical measurements were performed, they will be 

referred to as Sr3SnO. 

 

3.2 Growth Considerations and Characterization 

3.2.1 Substrates 

In order to achieve relatively well-oriented epitaxial growth, a substrate must be chosen 

that is of similar symmetry to the film material, as well as relatively similar lattice constants 

such that a loose epitaxial relation can be established. Due to the relatively large Sr3SnO lattice 

constant of ~5.16 Å  [10,11], most traditional perovskite oxide substrate materials are not 

viable. Interestingly, there is one oxide material that has an almost identical lattice constant: 

yttria-stabilized ZrO2 (YSZ). Though this material is not a perovskite, it is cubic, and can be 

purchased commercially as a substrate. Another option is LaAlO3 (LAO), which has a cubic 

lattice constant of ~3.79 Å, which is obviously too strongly mismatched (~ -26%) to achieve 



70 

 

the traditional “cube-on-cube” epitaxial relation. However a different scheme can be used – 

originally developed by Samal et al [120] for the growth of another antiperovskite, Sr3PbO – 

which utilizes the fact that the [110] lattice spacing of LAO, which is √2𝑎~ 5.36 Å, is 

relatively close to the [100] lattice parameter of Sr3SnO (~ 4% mismatch). This induces the 

epitaxial film to grow with a 45° in-plane rotation relative to the substrate, as illustrated in Fig. 

3.1. 

 

Figure 3.1 – Schematic representation of the epitaxial relationship of a (001) LaAlO3 (LAO) 

substrate and a (001) Sr3SnO epitaxial film, indicating the 45° in-plane rotation of the Sr3SnO layer 

to access the √2a lattice parameter of the LAO. 

 

 

3.2.2 Protective capping layer 

The need for the development of an in situ capping layer was necessary for any sort of ex 

situ measurement to be performed on the films. In order to accurately study the underlying 

material, there are three (somewhat obvious) requirements that must be met by the capping 
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layer: (1) It must protect the underlying film from air exposure to a sufficient degree, (2) it 

must not react with the film at the interface, and (3) the deposition of the capping layer must 

not harm the film in the process. Thin metallic capping layers could in theory be used for ex 

situ structural measurements such as XRD. However, electrical measurements were an 

eventual goal of the project, and metallic capping layers could not be used in this case. As such, 

a fourth requirement was added: (4) The capping layer material must be sufficiently insulating 

such that electrical measurements are representative of the underlying film only, and not of the 

capping layer in parallel. Electrical measurements naturally require the ability to make 

electrical contact with the protected Sr3SnO layer through the capping layer, which will be 

addressed later.  

With these requirements in mind, the oxide ZrO2 was found to be an excellent capping 

layer candidate. ZrO2 has a wide band gap (> 5 eV) and is a poor oxygen conductor (in the 

absence of dopants) [122] which partially suffices conditions (1) and (4) (thickness of the layer 

will be important to ultimately satisfy condition (1)). It is possible to grow ZrO2 by a chemical 

vapor deposition method using a metal-organic precursor, zirconium tert-butoxide or ZTB, 

injected into the growth chamber through a gas-inlet port in the same way other metal-organic 

precursors are used introduced in hybrid MBE  [123]. This method of growth is advantageous 

for requirement (3) as only a flux of ZTB is necessary to grow ZrO2 – it is not necessary to co-

supply an oxidant, which might harm the underlying oxygen-sensitive film. The temperature 

of the substrate must be sufficiently high to decompose the MO molecule such that the ZrO2 

grows effectively. However, this range of temperatures is lower than the growth temperatures 

of the Sr3SnO layer, which lowers the probability that it might react. 
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It was found that growth of ZrO2 proceeded in a polycrystalline fashion. This sometimes 

appears as a slightly textured polycrystalline form, as seen in the RHEED in Fig. 3.2(a). Due 

to the poor crystallinity and rough surface, x-ray methods were not useful for determining the 

thickness of the ZrO2 film. Instead, AFM was used to determine the length of growth time 

necessary to eliminate the appearance of the substrate steps, as seen in Fig. 3.2(b).  

The necessary growth conditions for a sufficiently protective ZrO2 layer were explored in 

tandem with early growth trials of Sr3SnO by trial and error. It was first confirmed, as had been 

predicted, that removing a sample of (presumably) Sr3SnO from vacuum to ambient air would 

result in its rather rapid oxidation and degradation. This was easily observed as follows: the 

sample would be removed from the growth chamber with a shiny, specular surface, and over 

time (~minutes), the surface could be seen to turn dull and opaque. When Sr3SnO films were 

 

Figure 3.2 – (a) RHEED of ZrO2 layer grown using ZTB, indicating polycrystalline growth. (b) 

AFM image of a bare YSZ substrate, and AFM images of a YSZ substrate after (c) 30 minutes of 

ZrO2 growth and (d) 1 hour of ZrO2 growth. 
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grown, different substrate temperatures and growth times for the ZrO2 layer were explored. It 

was found that a substrate temperature of ~375 °C and a growth time of 90 minutes sufficiently 

protected the underlying film from degradation in air [87]. 

 

3.2.3 Characterization methods 

RHEED: As a first check of the growth conditions for the Sr3SnO, and indeed the only 

characterization tool available before the development of the ZrO2 capping layer, RHEED was 

a valuable tool. Without a verified window of growth conditions, the RHEED pattern which 

resulted from a particular set of conditions could be used as a rough estimate as to how close 

to “good” growth conditions they were: the closer to crystalline and 2D, the better. 

XRD: Once the protective capping layer became viable, XRD was used to determine if the 

resulting growths actually contained the intended species. As will be shown, this in itself was 

not trivial. 

Cross-section SEM: The most informative characterization tool for the early development 

of Sr3SnO growth was cross-section SEM imaging. These were achieved using an SEM system 

with an in-situ focused ion beam (FIB) source, used for cutting through the ZrO2 protective 

layer and exposing the cross-section of the film. This was necessary, as the sample could not 

be cleaved outside of the SEM as it would oxidize immediately. This also meant that this 

characterization method was necessarily destructive to the film. Once the underlayer is exposed 

to air upon removing the sample from the SEM chamber, the oxidation would spread 

throughout the entire film. Covering the exposed cross-section area with Pt post-imaging was 

not explored. 
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3.3 MBE Growth of Sr3SnO 

 

3.3.1 Growth using Sn source 

Early attempts to grow Sr3SnO via MBE in the Old Oxide system were carried out using 

metallic Sr and Sn sources along with a small flow of O2, following recent (at the time) reports 

of successful growth  [118,119]. YSZ substrates were used. Growth conditions consisting of 

different substrate temperatures and different Sr/Sn flux ratios were first evaluated by the 

RHEED pattern observed: those which produce either amorphous (hazy) or polycrystalline 

(rings) patterns were assumed to be far from the optimal conditions. It was found that using a 

substrate temperature of 450 °C and Sr/Sn ratios of ~6, the phase grown was polycrystalline, 

 

Figure 3.3 – RHEED images of the stages of Sr3SnO growth attempts using Sn and O2 sources, with 

(a) no SrO wetting layer, and (b) with a SrO wetting layer. The presence of the SrO layer resulted in 

a 3D crystalline phase, while the growth on the bare substrate resulted in a polycrystalline phase. 

   

                 

                         

   



75 

 

as seen in Fig. 3.3(a). The use of SrO buffer layers was then explored, again suggested from 

earlier reports  [118]. SrO has a cubic rock salt crystal structure with an almost identical lattice 

constant to that of Sr3SnO (~5.16 Å), and perhaps could serve as a wetting layer for the 

antiperovskite phase. SrO was grown via co-deposition of Sr and O2-plasma, which produced 

streaky RHEED patterns (Fig. 3.3(b)). Subsequent attempts to grow Sr3SnO then produced a 

spotty RHEED pattern, indicating a three-dimensional crystalline phase had been stabilized. A 

weak ring-like pattern can also be seen in the RHEED, indicating the presence of a secondary 

polycrystalline phase. 

Most of these early growth attempts using the Sn metal source could not be further 

characterized, as the ZrO2 capping layer had not been fully developed yet (indeed, many were 

used to test whether the capping layer was sufficiently protective). However, a limited number 

were able to survive ex situ measurements once the capping layer was developed. The XRD of 

one such sample is shown in Fig. 3.4(a). Due to the very similar lattice constants, the YSZ 

substrate 002 peak dominates over the Sr3SnO and SrO 002 peaks. While both SrO and YSZ 

do not exhibit 00-odd peaks, Sr3SnO does, though their intensity is extremely weak: structure 

factor analysis shows that 001 peaks exhibit only 0.92% of the intensity of 002 peaks. Thus, 

even though the heterostructure does not exhibit any other peaks that can positively identify 

the Sr3SnO phase, this does not necessarily mean it is not present. This sample was also 

characterized via cross-section SEM, shown in Fig. 3.4(b). First, we see what is proposed to 

be the SrO layer, which is the relatively thin dark layer immediately above the YSZ substrate. 

Though it exhibited a streaky (i.e. 2D) RHEED pattern, it appears to have a rough interface 

with the layer above. Next, the lighter, thicker layer above is the proposed Sr3SnO layer, and 

above that, the thick ZrO2 capping layer, which exhibits some internal porosity. The Sr3SnO 
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layer also appears to contain pockets of a secondary phase as told by the different regions of 

different (darker) contrast which are distributed throughout. The interface between the Sr3SnO 

layer and the ZrO2 is also quite uneven, which is unlikely an effect from intermixing with the 

ZrO2, but instead likely represents the as-grown surface profile, which would confirm the 3D-

like appearance of the RHEED pattern. However, the roughness of the interface between the 

SrO and Sr3SnO may indicate some interfacial reaction, as again, the SrO as-grown surface 

appears 2D from RHEED. Though neither of the phases in the “Sr3SnO” layer of this sample 

could be positively identified, as will be shown later, the lighter majority phase is very likely 

Sr3SnO. The ZrO2 here is also of relatively poor quality, likely due to the growth temperature 

used during its growth. 

 

Figure 3.4 – (a) XRD measurement of a Sr3SnO/SrO/YSZ heterostructure grown using Sn and O2 

sources. The strong YSZ 002 substrate peak hides the lattice-matched 002 peaks of both the SrO and 

(assumed) Sr3SnO layer. The 001 Sr3SnO peak may not be visible in thin, poor-quality films. (b) 

Cross-section SEM image of the sample in (a), showing the various layers. Multiple phases can be 

seen in the nominal Sr3SnO layer. The surface of the Sr3SnO layer is 3D-like, which explains the 

appearance of spots in RHEED. The ZrO2 capping layer is somewhat porous. 
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3.3.2 Growths using SnO2 source 

 

Subsequent growth studies were carried out using SnO2 as both the Sn and O sources, due 

to the most abundant species supplied by it being SnO which supplies the stoichiometric ratio 

of Sn:O. In contrast to BaSnO3, the strongly reducing conditions of the vacuum are highly 

advantageous for realizing the Sn4- valence state of Sr3SnO. For these growths, LAO was also 

used as the primary substrate so as to ensure that the 002 peak (whether from Sr3SnO or SrO) 

could be distinguished. As before, initial growth attempts relied primarily on RHEED to find 

conditions which produced a crystalline phase. Mixed phases of a 3D crystalline phase and a 

 

Figure 3.5 – (a) RHEED images after attempts to grow Sr3SnO at various Sr/SnO2 BEP ratios at a 

substrate temperature of 560 °C. (b) RHEED image of an attempted Sr3SnO layer using high Sr/SnO2 

flux ratio and a substrate temperature of 500 °C, and (c) RHEED image of an attempted Sr3SnO layer 

using a similar flux ratio as in (b) at a substrate temperature of 450 °C. 
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polycrystalline phase were found at substrate temperatures of 560 °C, which differed from the 

use of Sn as a source as no SrO buffer/wetting layer was needed to achieve a crystalline phase. 

Higher Sr/SnO2 flux ratios produced RHEED patterns which were increasingly dominated by 

the crystalline spots, indicating that these higher ratio conditions were growing a higher 

relative amount of the crystalline phase, as seen in Fig. 3.5(a). Growth temperatures lower than 

500 °C seemed to produce only polycrystalline films even at high Sr/SnO2 flux ratios, as seen 

in Fig. 3.5(c). 

It was later found that a higher growth temperature, and even higher flux ratios (~10-30) 

could achieve relatively streaky RHEED patterns for the nominal Sr3SnO layers, with some 

slight spottiness still superimposed. Ex situ XRD revealed only a broad 002 peak, as seen in 

Fig. 3.6(a). To attempt to tease out the peak morphology of purely SrO, films consisting of just 

SrO were also grown (and capped with ZrO2) for XRD. SrO consistently produces streaky 

RHEED patterns, as seen in Fig. 3.6. The XRD of this film showed a similarly broad 002 peak 

in the same position as would be expected for Sr3SnO. This indicated that the presence or 

morphology of a 002 peak alone could not provide sufficient evidence to positively identify 

the presence of the Sr3SnO, even though it would be unlikely for a purely SrO film to result 

from sources of SnO and Sr. A Sr3SnO sample with a SrO buffer layer was attempted as well, 

and the resulting RHEED pattern from both layers is shown in Fig. 3.6. Both produce a streaky 

RHEED pattern, and the Sr3SnO layer seems to have less of a spotty character than layers 

grown without the SrO buffer layer. Still, the XRD reveals only a single broad SrO/Sr3SnO 

002 peak, with no obvious peak separation or asymmetry, indicating that the extreme similarity 

of the lattice constants would not allow for the differentiation of separate SrO and Sr3SnO 
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phases, and thus again no explicitly positive identification of the presence of Sr3SnO could be 

made. Finally, it was found that by growing a nominal Sr3SnO layer for a long growth time, 

thus making the layer thicker and increasing the scattering probability of the 001 reflections, a 

very faint but present 001 peak could be identified, as seen in Fig. 3.6, which confirmed the 

presence of the Sr3SnO phase in a <001> oriented fashion. However, the possibility remained 

that multiple phases could be present. 

 

Figure 3.6 – (a) On-axis XRD scans of various films structures as indicated to the left of 

each scan. The central peak around 35° 2θ could correspond to either SrO 002 or Sr3SnO 

002. The sharp peaks near 24 ° 2θ and 48 ° 2θ are the LAO substrate peaks. The weak Sr3SnO 

001 peak can only be identified in the thickest film. (b) RHEED images of the various layers 

of the films shown in (a). 
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 Cross-section SEM images were taken of these films to further investigate the resultant 

phases. As can be seen in Fig. 3.7, the nominal “Sr3SnO” layers possess areas of mixed 

contrast, indicating the presence of multiple phases. On the other hand, the intentional SrO 

layers present as single-phase regions with relatively smooth interfaces, as evidenced by Fig. 

3.7(b), which corroborates the ubiquity of streaky RHEED patterns observed after SrO growth. 

The “Sr3SnO” layers exhibit multiple phases regardless of the presence of SrO buffer/wetting 

layers, indicating that the mixed phase growth is a result of the growth conditions of the layer 

itself and not its nucleation conditions. The morphology of these films and the distribution of 

the secondary phases is quite different from that seen in films grown using metallic Sn (Fig 

3.4b). Though purely speculation at this point, this may indicate that a Sr3SnO phase was 

successfully grown using the metallic Sn source as well, though it was never confirmed via 

 

Figure 3.7 – Cross-section SEM images of various Sr3SnO and SrO film structures as indicated by 

the schematic cartoons. The XRD and RHEED for these structures was shown in Fig. 3.6. 
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XRD. This would also indicate that the Sn source resulted in different growth modes, likely 

one which involved liquid Sn droplets on the surface. 

Finally, we note an interesting phenomenon which occurred following the growth of a 

number of Sr3SnO layers. Minutes after the growth ended, higher-order reconstructions could 

be seen to appear along the <110> surface directions, as shown in Fig. 3.8. In most samples 

which exhibited streaky RHEED, half order reflections along the <110> directions were 

persistent. However, after some growths, even higher order reconstructions were observed in 

the <110> directions. It was found that the appearance of the reconstructions was not 

temperature-dependent, but time-dependent, as they appeared for only a few minutes after 

growth had stopped, regardless of the substrate temperature, and then would disappear. As the 

primary streaks of the RHEED pattern were not altered after the appearance of the higher-order 

reflections, this does not seem to pertain to a phase change. The cause of these temporary 

higher-order reflections is not known. To speculate, perhaps their appearance signals the 

ordering of surface adatom species that had not yet incorporated into the film, though the fact 

that the reconstructions do not appear until minutes after growth makes this unlikely. Another 

speculative cause might be that they signal a changing stoichiometry of the film, possibly due 

to post-growth loss of some species due to evaporation. A likely candidate would be Sr, as Sr 

vacancies are generally expected in Sr3SnO samples unless growth conditions are tightly 

controlled. 
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3.3.3 Conclusions 

In conclusion, very broad growth conditions were identified which produced crystalline or 

semi-crystalline films. While SrO wetting layers proved useful for achieving better 

 

Figure 3.8 – RHEED images after the growth of two different Sr3SnO samples, showing the 

appearance of higher-order reconstruction streaks along the <110> azimuths. In (a) the substrate 

temperature was allowed to cool following growth, and in (b) the temperature was held constant.  
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crystallinity (as told by RHEED) for Sr3SnO films grown using Sn as a source, this was found 

not to be necessary for growths using SnO2 as a source. The extremely weak structure factor 

of the 001 peaks of Sr3SnO were eventually observed in thick films, which confirmed that the 

antiperovskite phase had indeed been grown, though the presence of secondary phases could 

not be ruled out. Cross-section SEM measurements confirmed that all films presented here 

consisted of multiple phases. It was also shown that ZrO2 grown via a CBE approach using the 

metal-organic ZTB is a viable protective capping layer which allows for ex situ structural 

characterization such as XRD and SEM. A limited number of cross-section SEM 

measurements on films grown using Sn as a source seemed to indicate a different growth mode 

compared to SnO2 source growths. However, these growths also utilized different substrates, 

and the Sr3SnO phase was never positively identified by XRD for Sn-source growths, and thus 

this point remains rather speculative. 
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Chapter 4. Ferroelectricity and 

Superconductivity in SrTiO3 films 

SrTiO3, though being the first discovered oxide superconductor, still poses many questions 

to theorists concerning its superconducting mechanism. The extreme diluteness of the carrier 

density needed to condense into a superconducting state alone places it convincingly in 

“unconventional” superconductor territory. Furthermore, it lies very near to a ferroelectric 

transition in its pure bulk form, and this incipient ferroelectricity has in many ways been shown 

to be tied to the superconducting state. However, much of the past work investigating this link 

tends to assume – for understandable reasons – that the superconductivity emerges from a 

homogenously paraelectric, centrosymmetric phase, and the fluctuations or soft-mode 

dynamics which are present in this state provide the pairing glue [38,52–54]. However, through 

the many years of experimental research on SrTiO3 (and indeed many perovskite oxides in 

general) it has been shown that the strongly polarizable lattice has the tendency to form locally 

polar regions in the nominally paraelectric state. For SrTiO3-based systems which have been 

tuned into a ferroelectric ground state, these static polar distortions grow and percolate as the 

ferroelectric transition is approached, eventually coalescing into a globally polarized 

state [124–126]. It is also from deep in the polar regime where the most enhanced 
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superconducting Tc’s have been reported. However, there are strong indications that these so-

called polar nanodomains exist down to the lowest temperatures even in systems which do not 

exhibit a transition to a globally polarized state [124,125,127–129], and thus there is a strong 

possibility that superconductivity in SrTiO3 always emerges in the presence of some degree of 

broken inversion symmetry. 

In addition to the interesting structural link, superconductivity in SrTiO3 has also displayed 

remarkable insensitivity to magnetism. Here we describe a study of alloying magnetic Eu into 

strained films of SrTiO3, which served as a continuation of a previous study which showed 

that, up to 3% Eu, the superconductivity in the EuxSr1-xTiO3 films was unaffected relative to 

non-alloyed films [130]. We observe superconductivity survives up to Eu concentrations of at 

least x = 0.14, and no suppression of the superconducting Tc at x = 0.09. Also at x = 0.09, we 

observe a loss of a sharp ferroelectric transition seen in strained SrTiO3 films, indicating that 

the Eu has affected the polarizability of the lattice. The evolution of the superconducting 

properties along with the loss of global polar order as Eu is added is discussed in terms of 

possible connections between the superconducting state and broken inversion symmetry.  

 

4.1 Background information 

4.1.1 Introduction 

The finding that the various methods used to drive SrTiO3 towards a ferroelectric ground 

state also result in enhanced Tc’s (Fig. 4.1) is commonly interpreted as being the result of the 

ferroelectric quantum critical point (QCP) whose fluctuations putatively lead to Cooper 

pairing [41,51,52,54,56]. This picture is contradicted by the fact that, in many of the studies, 



86 

 

superconductivity emerges from a truly polar ground state  [31,41,46,49,51], and indeed some 

of the highest Tc’s reported to-date have been observed in samples that were already strongly 

in the polar regime upon entering the superconducting state  [31,46,49]. Due to the presence 

of broken inversion symmetry, this is reminiscent of superconductivity at the LaAlO3/SrTiO3 

 

Figure 4.1 – Superconducting domes of SrTiO3 showing enhancement of Tc induced by various 

ferroelectric tuning methods(taken from reports in the literature): (a) Epitaxial film strain (Sm doped) 

(ref.  [31], (b) Ca- and Ba-substituted SrTiO3 crystals (Nb doped) (ref.  [49]), (c) 18O isotopic 

exchanged SrTiO3 crystals (La-doped) (ref. [49]), (d) Ca-substituted SrTiO3 crystals (reduced) (ref. 

[41]) 
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interface  [131–133] which is strongly linked to the presence of Rashba-like antisymmetric 

spin-orbit coupling (ASOC)  [133–135] due to the broken inversion symmetry of the interface. 

There are also signs of local Tc enhancement in SrTiO3 systems near twin boundaries  [136] 

and deformation-induced dislocations [137,138] both of which exhibit locally polar 

characteristics  [127,139].  

Ferroelectricity requires broken inversion symmetry. In the case of proper ferroelectrics, 

the ferroelectric phase transition is characterized by a structural transition to a polar point group 

which produces a macroscopic polarization that is switchable. At the unit cell level this can be 

manifested by the displacement of ions from centrosymmetric positions, which lead to local 

electric dipoles. If these displacements are in-phase and global throughout the crystal, the result 

is a macroscopic polarization and globally broken inversion symmetry. If spin-orbit effects are 

present as well, Rashba-like ASOC in noncentrosymmetric (i.e. ferroelectric or polar) 

superconductors can lead to mixed parity superconducting states, opening the door to possible 

topological (p-wave) superconductivity [140–142]. 

In an effort to promote the discussion that broken inversion symmetry in the 

superconducting state of SrTiO3 and related systems is not only possible, but may be necessary, 

we will briefly review some of the properties and experimental findings relevant to this class 

of materials. We will focus primarily on strained SrTiO3 films but will compare to BaxSr1-xTiO3 

and CaxSr1-xTiO3 crystals as well where relevant, in an effort to highlight some of the key 

similarities and differences of these systems which could perhaps strengthen this idea. 
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4.1.2 Different types of ferroelectric ground states 

As pointed out by Tomioka et al  [49], the types of the ferroelectric ground states differ 

among strained SrTiO3 films  [46], CaxSr1-xTiO3 crystals  [41,49], and BaxSr1-xTiO3 

crystals  [49], all of which exhibit enhanced superconducting Tc’s in the polar state. Ca2+ 

substitution is known to induce ferroelectricity linked to an off-centering of the Ca2+ ion in the 

larger Sr2+ site, leading to a <110> polarization direction  [40]. Ba2+ substitution, on the other 

hand, induces a low-temperature phase transition to a rhombohedral R3m phase, which exhibits 

broken inversion symmetry due to Ti4+ displacement along a [111] pseudocubic axis  [42,49]. 

Strained [001] SrTiO3 films, on the other hand, exhibit displacement of the Ti atom in the [001] 

tetragonal direction  [46,143] (Fig. 4.2). Though the polar ground state is different in all of 

 

Figure 4.2 – (a) Schematic cartoon illustrating the tetragonality induced by compressive strain of 

SrTiO3 grown on LSAT substrates. (b) Illustrations of the two possible polar unit cell distortions 

induced by compressive epitaxial strain of [001] SrTiO3 films (displacements not to scale) 
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these examples, they all result in an enhancement of the superconductivity relative to 

(nominally) paraelectric SrTiO3  [31,41,46,49] (Fig. 4.1).  

 

4.1.3 Polar metals 

The presence of metallicity and ferroelectricity (or ferroelectric order) has long been 

thought to be mutually exclusive, though originally proposed by Anderson and Blount in 

1965 [144]. The presence of free carriers would be expected to screen the various electrostatic 

interactions responsible for stabilizing the ferroelectric order, preventing the displacement of 

the ions and prohibiting the breaking of inversion symmetry. However, in recent years the 

existence of a number of polar metals has been shown  [145,146], in which the structural order 

parameter of ferroelectricity (broken inversion symmetry) persists even in a metallic state. In 

order for charge carriers to propagate freely, the total electric field (polarization) must be fully 

screened by localization of some of the carriers at the boundaries, but the structural order 

parameter can still exist so long as the carrier screening of the local dipoles is incomplete or 

sufficiently weak. For doped semiconductors which become polar metals, increasing the carrier 

concentration leads to an increasingly stronger screening effect of the structural polarity and a 

reduction in the polar displacements [147]. Above some critical carrier concentration, the 

carriers will be able to sufficiently screen the structural polarity such that it will be become 

unfavorable, and the polar metal state will be destroyed for a centrosymmetric metal  [145]. 

Measurements of the dielectric constant as a function of temperature can often be used to 

identify a transition to a polar state by the presence of an peak at the transition 

temperature  [41,45]. However, these are not possible in the presence of charge carriers. An 
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alternative measurement is optical second harmonic generation (SHG), which is sensitive to 

the breaking of inversion symmetry  [46,72]. A ferroelectric transition appears as a sharp 

increase in the detected second harmonic intensity, due to the sudden appearance of a 

noncentrosymmetric structure (Fig. 4.3). Structural characterization at low temperatures can 

be another method to identify the presence of a polar space group  [49,148]. Thermodynamic 

probes can also show a kink or behavior change at the transition temperature, including heat 

capacity  [148], thermal expansion  [41,149], and sound velocity  [41]. Raman spectroscopy 

can be used as well  [41]. Resistive anomalies or kinks are commonly observed at the transition 

temperature  [31,41,46,49,51,148,150], and are likely a result of the sudden turning-on of 

carrier localization to screen the spontaneous polarization. 

 

Figure 4.3 – Representative SHG measurement of a ferroelectric transition in a 

compressively strained SrTiO3 film. 

 

 

Transition

ParaelectricFerroelectric
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4.1.4 Nanodomains and the order-disorder transition 

The ferroelectric transition in SrTiO3 (and BaTiO3) was originally believed to be well-

described by a displacive model, in which a long-range polarization develops spontaneously 

at the phase transition due to the softening of a transverse optical (TO) phonon mode. However, 

evidence has been continuously growing that point to the existence of locally polar regions in 

the paraelectric phase of perovskites believed to be governed by a displacive 

dynamics  [124,128,129,151–154] which would instead imply an order-disorder phase 

transition model, or more likely a combination of order-disorder and soft mode 

models  [155,156]. The dominant interactions that cause these polar nanodomains to form and 

coalesce may be different among different perovskite systems  [125,145,156], but they share 

the commonality of being partially due to a highly polarizable lattice, and the general behavior 

of them is the same: at temperatures above the transition temperature T*, in the nominally 

paraelectric phase, there exist microscopic regions of correlated polarization, i.e. polar 

nanodomains. The polarization directions between domains are uncorrelated and random and 

thus the global state is one that averages out to a nonpolarized, high-symmetry state. At T*, the 

existing dipolar regions reorient, forming a long-range ordered state. The phase transition is 

thus one from a globally random, locally ordered phase to a globally ordered phase. 

For CaxSr1-xTiO3 (> 0.2% Ca), the transition is known to be strongly of the order-disorder 

type [41,126]. Dipole-dipole (short range) interactions between off-center Ca atoms form 

polarized clusters (nanodomains) above the ferroelectric transition temperature T*, which grow 

and percolate as temperature is lowered, eventually coalescing into a global ferroelectric state 

below T*. For SrTiO3 and BaxSr1-xTiO3, dipole-dipole interactions induced by A-site off-

centering do not play a role in forming nanodomains in the paraelectric phase. Nonetheless, as  
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Figure 4.4 – Cross-section HAADF-STEM 

images overlaid with off-center Ti polarization 

vectors for SrTiO3 films grown on (a),(c) SrTiO3 

and (b),(d) LSAT. The arrows in the top row of 

figures indicate the magnitude and orientation of 

the polarization vectors. The images in the 

bottom row display the direction of the 

polarization vectors overlaid on the HAADF 

image, with the color representing a 30° interval 

of polarization directions. (e) schematic 

illustrating how the polarization vector is 

measured (right) and representative zoomed-in 

region (left). Adapted with permission from 

ref.  [124] 
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mentioned above, numerous signatures of polar nanodomains have been found in the 

paraelectric phase of these nominally displacive ferroelectrics, and recently they have been 

visualized using high-resolution scanning transmission electron microscopy (STEM) in the 

paraelectric phase [124,125,157–159]. For BaxSr1-xTiO3 (and BaTiO3) the cause of the local 

structural distortions has been attributed to local strains from point defects  [154,159]. 

In SrTiO3, the nanodomains manifest as off-centered Ti columns, as illustrated in Fig. 4.4. 

These nanodomains are static, in that they do not fluctuate on the time scale of the STEM 

measurements (10s-100s of seconds) and perhaps longer. The picture of point defects being 

the underlying source of the nanodomains is not as strongly supported for SrTiO3. No large 

concentrations of impurities exist other than dopants, which have actually been shown to break 

up nanodomains [125]. Instead, it is likely that long-range electrostatic interactions are what 

lead to the formation of nanodomains and ultimately to the ferroelectric transition in SrTiO3, 

rather than more short-range interactions such as local strains or dipolar 

impurities  [125,145,160]. Indeed, at least for strained SrTiO3, the presence of polar 

nanodomains may actually be a requirement for the entrance to a ferroelectric phase, i.e., a 

high configurational entropy makes the ferroelectric phase transition unfavorable. For films 

that do not exhibit a ferroelectric transition due to over-doping, nanodomains are absent at 

room temperature [125], though they may form at lower temperatures.  

The purely displacive model for the ferroelectric phase transition is thus not applicable for 

SrTiO3, and likely as well for many other prototypical displacive perovskites. Some authors 

have even argued that, due to the ubiquity of components of both displacive and order-disorder 

dynamics in many perovskite oxides, classification as one or the other is too restrictive and 

unnecessary [161].  
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4.1.5 Relaxor ferroelectrics 

The discussion of locally polar regions draws similarities to the relaxor ferroelectrics, 

which do not exhibit a spontaneous macroscopic polarization in the ground state, but instead 

consist of locally ordered but globally disordered polar nanoregions (within a single crystal 

domain)  [162–165]. Relaxors have been heavily studied for years, and thus we will not attempt 

provide any significant insights here, other than mentioning that the dynamics of relaxors upon 

cooling are very similar to that of the order-disorder transition of “true” ferroelectrics: at high 

enough temperatures, there are no correlated regions, and the entire matrix is truly paraelectric. 

As the temperature lowers but stays above a characteristic “freezing” temperature Tf, locally 

polar domains start to form, which possess a random distribution of dipole moment directions 

and thus the global polarization is zero. As Tf is approached, the domains continue to grow and 

percolate to some degree – however, upon cooling through Tf, and in the absence of strong 

external electric field, the domains are prevented from coalescing into a macroscopically 

polarized domain, and thus no true phase change is experienced. Instead, the dynamics between 

the domains slow down and they remain in a globally disordered but locally ordered 

state  [163].  

 Many true ferroelectric perovskites are transformed into relaxors when compositional 

disorder is introduced, the most seminal being based around mixtures involving PbTiO3  [163–

165], but also mixtures of many other perovskite oxides [40,42,166,167]. Unintentional 

intrinsic impurities in strained SrTiO3 films produces a crossover to a relaxor state as 

well  [168]. Strained SrTiO3 films grown on NdGaO3 (~1.2% compressive strain) via PLD do  
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not exhibit a sharp SHG transition (Fig. 4.5), which is inconsistent with MBE-grown 

films [46]. The undoped PLD-grown films also exhibit the key dielectric properties of a relaxor 

ferroelectric, i.e. a broad, frequency-dependent hump in the dielectric constant as a function of 

temperature and ‘slim-loop’ hysteresis curves [162], again in contrast to strained films grown  

 

Figure 4.5 – (a),(b) Temperature dependence of (a) dielectric constant and (b) remanent polarization 

of 60-nm-thick SrTiO3 (STO) film on NdGaO3 (strained) and 100-nm-thick SrTiO3 film on SrTiO3 

(strain-free) (c) SHG signals for the strained SrTiO3 film and a SrTiO3 crystal. Insets: (a) Curie-Weiss 

law and Vogel-Fulcher law fits, (b) P-E hysteresis loops of the strained film, and (c) SHG polar plots. 

Adapted with permission from ref.  [168]. 
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via MBE  [45]. This is likely the result of energetic point defects introduced by PLD and 

highlights the sensitivity of the global ferroelectric transition in SrTiO3 to disorder. 

 

4.1.6 Destruction of ferroelectricity and superconductivity 

If superconductivity does indeed rely on the presence of broken inversion symmetry, then 

the destruction of the polar phase would be expected to result in the suppression of 

superconductivity. 

In strained SrTiO3 films grown below a critical thickness (~40 nm), ferroelectricity and 

superconductivity both disappear simultaneously [169]. The ferroelectricity is suppressed by 

depolarization fields which the thinner films feel more strongly  [160], though the presence of 

free carriers likely contributes to destabilizing the ferroelectricity at larger thicknesses than in 

undoped films  [72]. However, there is a priori no reason the superconductivity should 

disappear in this thickness regime in the absence of strong carrier depletion (which was 

mitigated in this study). 

The ferroelectric ground state in strained films is also suppressed above a certain critical 

carrier density in SrTiO3 films [31,46]. Above a carrier density of ~3 × 1020 cm-3, no signatures 

of a global ferroelectric transition are observed, and no nanodomains are seen to exist at room 

temperature  [125]. As the carrier density is increased in the underdoped films, both the length 

scale of the nanodomains and the magnitude of the correlated Ti displacements is seen to 

decrease, indicating the progressively stronger screening effects of the charge carriers until 

finally the carriers completely screen the local (and global) polarity  [125] (Fig. 4.6). The 

influence of disorder from the dopant atoms may contribute to the total ferroelectric 
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suppression to some degree as well. At the carrier density where no nanodomains are seen at 

room temperature, the superconducting Tc is un-enhanced and increasing the carrier density 

any further results in a total loss of superconductivity. Thus, the critical carrier density where 

both room temperature nanodomains and the global ferroelectric transition are suppressed 

coincides with the suppression of superconductivity. For BaxSr1-xTiO3 crystals, the loss of 

ferroelectricity at a critical carrier concentration also appears to roughly coincide with the 

critical carrier concentration for suppressing superconductivity as well [49]. 

For CaxSr1-xTiO3 crystals, superconductivity survives up to higher carrier densities than the 

critical concentrations at which the ferroelectric transition is lost (as told by resistive 

anomalies) [41,49]. However, thermal expansion measurements indicate that a smeared 

anomaly continues to survive above this resistive anomaly critical carrier concentration [149], 

which may be consistent with a relaxor-like state (i.e. locally polar). Thus, the presence of 

some degree of local polarity may remain at carrier densities above that which destroys the 

global transition, and thus superconductivity may still be present in a locally polar phase. 

 

Figure 4.6 – Polarization orientation maps of Sm-doped SrTiO3 films with carrier concentrations of 

(a) 6 × 1019 cm-3, (b) 1 × 1020 cm-3 , and (c) 3 × 1020 cm-3 . HAADF-STEM images obtained from 

cross-sectional sample. The color scale corresponds to 30° intervals of polarization directions. 

Adapted with permission from ref.  [125]. 
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4.1.7 Possibility of broken inversion symmetry in paraelectric SrTiO3 

If the source of superconductivity is indeed linked to the presence of broken inversion 

symmetry, then nominally paraelectric bulk SrTiO3 with no impurities (other than dopants or 

oxygen vacancies) would not be expected to exhibit superconductivity. Polar nanodomains 

have been visualized in unstrained undoped SrTiO3 at room-temperature, which have a smaller 

length scale than those in strained films  [124](Fig 4.4(c)). The existence of these at room 

temperature would imply that they remain to low temperatures as well and likely grow larger. 

SHG of bulk SrTiO3 crystals exhibits a small but finite signal which gradually increases as 

temperature is lowered [168](Fig. 4.5(c)). Bulk SrTiO3 exhibits signatures of polar regions at 

low temperatures via Raman spectroscopy [128] and resonant piezoelectric 

spectroscopy  [127] as well. Their presence shows that the nominally paraelectric low 

temperature phase from which superconductivity emerges actually possesses locally broken 

inversion symmetry. It should be noted that this should not be conflated with a relaxor-like 

state, however, as dielectric constant measurements clearly show different behavior between 

bulk SrTiO3 and relaxors. Instead, this simply suggests that states of locally polar order may 

be exhibited in a variety of forms. 

In strained SrTiO3 films which exhibit even a small degree of strain relaxation, a sharp 

ferroelectric transition seen in SHG is lost. However, nanodomains are still observed at room 

temperature, and enhanced superconducting Tc’s remain  [157]. The length scale of the 

nanodomains remains comparable to fully strained films, though they are more likely to take 

random polarization directions than preferably in- and out-of-plane as in fully strained films. 
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Thus, though a global ferroelectric transition may appear to be destroyed by strain relaxation 

(at least as told by SHG), the presence of large regions of locally broken inversion symmetry 

remains and the superconducting Tc’s remain enhanced relative to unstrained films. 

Taken all together, there is strong evidence that the examples of globally polar 

superconducting SrTiO3 do not necessarily represent a vastly different structural phase than 

the nominally paraelectric superconducting SrTiO3, but rather the two represent extrema of a 

continuous spectrum in which the length scale of the polar order changes from local domains 

to global. The differences in Tc, then, are simply manifestations of the length scale of the polar 

regions. The overall polar displacements contained within the polar regions may play a role as 

well. All of this points to a motivation to reconsider the models of superconductivity in SrTiO3 

in that it may always co-exist with broken inversion symmetry, and conversely may not exist 

once even small regions of local polarity are lost. 

 

4.1.8 Magnetic insensitivity 

Superconductivity in SrTiO3 films exhibits other peculiarities as well. These include 

coexistence of the superconducting state with magnetism  [132,170], upper critical field (Hc2) 

values that exceed the paramagnetic (Pauli or Clogston-Chandrasekhar) limit  [29,171–173], 

and an apparent insensitivity of Tc to suppression by the presence of magnetic 

impurities [29,31,130]. The latter is in direct violation of the Abrikosov-Gor’kov (AG) theory 

of paramagnetic impurities in an s-wave superconducting host [174]. The high Hc2’s could be 

related to thin film effects [171] or purely multiband effects  [29,175,176], and the sensitivity 

to magnetic impurities could be somewhat explained by multiband effects [177]. However, 
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there are possibilities that ASOC induced by the presence of broken inversion symmetry 

(particularly for the cases involving SrTiO3 interfaces) could contribute to these effects as 

well [170,178–183]. Certain theories have even emerged that hint at the possibility of 

topological superconductivity induced by the Rashba ASOC [184,185], though it should be 

stressed that this is essentially impossible to prove through magnetic response alone [140]. 

Still, the unique responses with possible explanations lying in Rashba ASOC are intriguing for 

the implications of noncentrosymmetric superconductivity. 

 

4.2 Description of MBE growth and characterization 

4.2.1 Description of the present study 

Previously, it was shown that strained Sm-doped EuxSr1-xTiO3 films still exhibited no 

suppression of the superconducting properties attributed to the magnetic Eu up to 3% [130]. 

These films also exhibited sharp SHG upturns (for those which were fully strained) of the 

global ferroelectric transition as well. As Eu2+ is magnetic – as well as the Sm3+ dopant atoms 

– this seemed to indicate that AG theory was being violated. The response of a superconductor 

to different kinds of disorder can be useful for identifying underlying symmetry. For instance, 

sensitivity to non-magnetic disorder is a signature of unconventional 

superconductivity  [186,187]. On the other hand, spin-triplet superconductivity may be 

relatively insensitive to magnetic disorder  [140,179]. In order to further probe this unusual 

response to magnetism, films with even higher amounts of Eu2+ were grown and characterized 

for the present study. It is found that superconductivity is eventually suppressed above Eu 

concentrations of ~14%. Remarkably, rather than purely being an effect of the magnetism, the 
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suppression may result from the effect of Eu suppressing the polarizability of the lattice and 

destroying the (local) broken inversion symmetry. 

 

4.2.2 EuTiO3 capping layer 

A majority of previous studies of SrTiO3 films strained on LSAT substrates utilized films 

with thicknesses on the order of ~180 nm  [31,46,130]. While these demonstrated that it was 

possible to achieve fully strained films at such thicknesses, partial strain relaxation was 

occasionally observed and in general was not easily predictable. As mentioned above, sharp 

SHG transitions can be broadened by even a small degree of strain relaxation [157], making 

identification of the ferroelectric transition difficult. It was deemed necessary to produce fully 

strained films for the present study such that SHG could be reliably utilized to probe the 

presence of the global FE transition, and thus necessitates the growth of thinner films which 

have a lower likelihood of relaxing. 

A main reason for the use of relatively thick SrTiO3 films was to avoid the well-known 

issue of strong surface depletion at low temperatures  [188,189], which would strongly 

influence the observed low-temperature properties. This depletion of carriers limits the study 

of superconducting properties due to the strong carrier density dependence of Tc in 

SrTiO3  [35], such that in films thinner than ~100 nm, superconductivity could not be observed 

due to too many carriers being depleted. The strong depletion also manifests in non-uniformity 

of the carrier density throughout the thickness of the film, which can complicate interpretations 

of low-temperature transport and the superconducting Tc  [189]. 
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In order to satisfy both of these limitations – i.e. thin, fully strained films that do not exhibit 

strong carrier depletion – it was found to be necessary to include a capping layer to separate 

the SrTiO3 surface from air and thus reduce surface depletion effects. Through work lead by 

Hanbyeol Jeong, using a thin (~10 nm) capping layer EuTiO3 was found to solve this problem. 

EuTiO3 has a similar lattice constant to SrTiO3, and both Eu and Sr exist in 2+ valence states. 

Thus, the EuTiO3 capping layer will not relax on SrTiO3 and the similarity of valence states 

avoids the formation of a polar discontinuity. The utilization of the EuTiO3 capping layer 

allowed for strained SrTiO3 films to exhibit superconductivity down to as thin as 40nm, which 

had not previously been possible/reported. Additionally, it was found that doping the EuTiO3 

was necessary to achieve Ohmic contacts and to avoid band-bending effects such that the 

underlying SrTiO3 film could be electrically characterized.  Following from the success of this 

strategy, the EuxSr1-xTiO3 films of the present study were kept thin (to avoid relaxation) and 

were capped with EuTiO3 (to suppress carrier depletion). One remaining note is that the 

superconducting Tc’s of the thin, EuTiO3-capped SrTiO3 films were found to be slightly 

suppressed relative to thicker, uncapped strained SrTiO3 films  [189]. The precise reason 

requires further study. It could be purely a thickness-related effect  [169], but it could also be 

related to the presence of the (antiferromagnetic) EuTiO3 capping layer, or a combination of 

both. The superconducting properties of the present Eu-alloyed heterostructures will thus be 

quantitatively compared only to those of analogous EuTiO3/SrTiO3/LSAT 

heterostructures  [169,189]. 
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4.3 Growth of EuxSr1-xTiO3 films 

4.3.1 Methods: Hybrid MBE growth and characterization 

Heterostructures of EuTiO3/EuxSr1-xTiO3/LSAT were grown via hybrid MBE, which has 

been described previously and will briefly be described here. Prior to the growth of the samples 

used for this study, calibration samples were grown to identify the optimal growth conditions 

for achieving stoichiometric Sm-doped EuxSr1-xTiO3 and Sm-doped EuTiO3 films at the growth 

temperature of 1000 °C (thermocouple temperature). Along with lattice parameter 

measurements, the presence of the (2 × 1) RHEED surface reconstruction is also indicative of 

stoichiometric growth conditions, for both SrTiO3 and EuTiO3  [71]. The optimal TTIP/A ratio 

is slightly different for SrTiO3 and EuTiO3, and as may be expected, the optimal TTIP/(Sr+Eu) 

ratio for EuxSr1-xTiO3 was found to roughly interpolate between the optimal ratios for the two 

end members.  

Before each growth, BEP flux measurements were performed for the Sr, Eu, and Sm cells 

overnight. Growths were performed utilizing 10 mm × 10 mm (001) LSAT substrates backed 

with 300 nm of Ta for improved heat conduction. The substrate was annealed at 1050 °C for 

20 minutes prior to cooling to the growth temperature of 1000 °C. The Sr, Eu, and Sm effusion 

cells were heated to ~10-20 °C higher than their intended growth temperatures prior to growth 

to facilitate outgassing as well as to ensure full temperature equilibration at the growth 

temperature to achieve a consistent, well-conditioned flux once growth was initiated. The TTIP 

flux is also conditioned prior to growth by opening the gas injection line isolation valve a few 

hours before growth and performing a beam flux calibration procedure, which also serves to 

flush the gas line and thus achieve a conditioned flow. The Sm:EuxSr1-xTiO3 layers were grown 
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to thicknesses of 70-100nm to prevent strain relaxation. The Sm:EuTiO3 capping layer was 

grown immediately following Sm: EuxSr1-xTiO3 layer after allowing the Eu effusion cell to heat 

up to from the lower alloying flux temperature to the higher temperature needed for pure 

EuTiO3 growth, also including an overheating step for temperature equilibration. The Sm 

dopant cell temperature was kept at the same temperature as was used for the EuxSr1-xTiO3 

layer. The thermocouple temperature was maintained at 1000 °C during the entire process. The 

Sm:EuTiO3 capping layer was grown to be ~10 nm. 

RHEED is utilized to monitor the growth in-situ. Fig. 4.7 shows representative diffraction 

patterns for stoichiometric Sm:EuxSr1-xTiO3 and Sm:EuTiO33 layers (both belonging to the 

same heterostructure sample), displaying the (2 × 1) surface reconstruction. RHEED intensity 

oscillations at the beginning of growth were generally observed for both the EuxSr1-xTiO3 layers 

 

Figure 4.7 – RHEED images taken along the <100> and <110> surface azimuths after the growth of 

the (a),(b) EuxSr1-xTiO3 and (c),(d) EuTiO3 layers of a single heterostructure sample grown on LSAT 
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and the EuTiO3 cap layers (Fig. 4.8), and can be utilized as a real-time measurement of the 

growth rate such that the thickness of the layer can be relatively well controlled. 

For the present study, two series of strained Sm:EuTiO3/EuxSr1-xTiO3 heterostructures were 

grown. In the first series (Series A), the alloy concentration of Eu in the Sm:EuxSr1-xTiO3 layer 

was kept constant at a nominal value of x = 0.05 (5% Eu) and the Sm3+ dopant concentration 

was varied.  In the second series (Series B), the Sm3+ dopant concentration was kept nominally 

constant in the optimally doped range (determined by the doping density of the sample in Series 

A that produced the highest superconducting Tc) and x was varied.  The nominal Eu 

concentration was estimated by the ratio of Sr/Eu beam equivalent pressures (BEPs) used 

during growth and corresponded to x = 0.05, 0.10, and 0.20 for series B. The relative Sr/Eu 

stoichiometry of the films was also determined by x-ray photoelectron spectroscopy (XPS), 

which estimated the stoichiometry of these be closer to x = 0.09, 0.14, and 0.30, 

respectively  [90]. Note that the optimally doped sample from series A (sample A3) is also used 

  

Figure 4.8 – RHEED intensity oscillations at the beginning of growth of a (a) EuxSr1-xTiO3 layer and 

(b) EuTiO3 layer, indicating layer-by-layer growth 

(a)

EuxSr1-xTiO3
EuTiO3

(b)
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as the x = 0.09 sample in Series B (sample B1).  Summaries of film parameters and measured 

properties are presented in Tables 4.1-4.3. 

On-axis x-ray diffraction (XRD) measurements were carried out using a Philips Panalytical 

X’pert thin film x-ray diffractometer to assess out-of-plane lattice parameters and film 

thicknesses via Laue thickness fringes.  The evolution of ferroelectric order was measured 

using optical second harmonic generation (SHG) from 10 K to 200 K.  Ultrafast laser pulses 

with 800 nm center wavelength, 40 fs duration, and 10 kHz repetition rate were focused to a 

spot size of 30 μm, as described previously  [46]. Each point shown is the average of many 

points taken continuously as the temperature is changed.  The SHG intensity shown is the 

average of the points within a chosen temperature interval. 

Al shadow masks were used to deposit Ti(50nm)/Au(250nm) ohmic contacts on the corners 

of the sample by electron beam evaporation.  Sheet resistance (RS), Hall carrier density (n3D), 

and Hall mobility (μ) were measured from 300 K to 2 K in van der Pauw (vdP) geometry using 

a Quantum Design Dynacool system.  Longitudinal resistance (R) measurements between 14 

mK and 1 K were performed in a dilution refrigerator (Oxford Instruments Triton) using low-

frequency lock-in techniques.  The superconducting transition temperature Tc was defined as 

the temperature at which R/Rn = 0.05, where Rn is the resistance measured at 1 K.  Upper 

critical field (Hc2) measurements at 20 mK were performed on the Series A samples with the 

highest measured Tc values. Sample A1 was measured with H oriented out of the plane of the 

sample (oop), while samples A2 and A3 were measured with H oriented in the plane of the 

sample (ip) (i.e., H ∥ n and H ⊥ n, respectively, where n is the film surface normal).  Here Hc2 

is defined as the field at which R/Rn = 0.5.  Only one orientation of Hc2 was measured for each 

sample due to sample degradation between scans [90]. 
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4.3.2 Results: Series A 

Results from the XRD measurements of Series A films are shown in Fig. 4.9. All exhibit a 

single 002 film peak indicating that both the Sm:EuTiO3 cap and the Sm:EuxSr1-xTiO3 are fully 

strained to the LSAT substrate, with the out-of-plane lattice parameter aop close to the value 

expected for fully strained, stoichiometric films (aop = 3.930 ± 0.001 Å).  Laue fringes indicate 

good crystallinity and smooth surfaces of the heterostructures.  The exception is sample A2, 

which exhibits a small degree of strain relaxation (aop ≈ 3.927 Å).  The strain relaxation in A2 

causes the slight dampening of the Laue thickness fringes, which are stronger in the other 

 

Figure 4.9 - XRD for Series A films. The dotted line represents the fully strained, stoichiometric 002 

lattice parameter. Adapted with permission from ref.  [90]. 
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samples. The period of the thickness fringes corresponds to the total thickness of the 

heterostructure, and the measured thickness values for the Sm:EuxSr1-xTiO3 layer are given in  

Table 4.1, after subtracting the estimated thickness of the Sm:EuTiO3 capping layer.  A 

representative reciprocal space map of sample A4 is shown in Fig. 4.10.  

 

Figure 4.10 - Summary of properties for Series A samples. The Sm:EuxSr1-xTiO3 thickness was 

measured via XRD thickness fringes and subtracting the estimated thickness of the Sm:EuTiO3 

capping layer. Adapted with permission from ref. [90].  

Table 4.1 - Summary of properties for Series A samples. The Sm:EuxSr1-xTiO3 thickness was 

measured via XRD thickness fringes and subtracting the estimated thickness of the Sm:EuTiO3 

capping layer. Adapted with permission from ref. [90].  

Sample nRT (cm-3) 

EuxSr1-xTiO3 Film 

Thickness (nm) Tc (mK) 

A1 6.3 × 1019 68 290 

A2 7.4× 1019 92 330 

A3 9.8× 1019 75 400 

A4 1.2× 1020 68 75 
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The room temperature 3D carrier density values nRT for the Series A films were calculated 

from the Hall resistance, using the total heterostructure thickness as both layers contribute to 

conduction in the normal state  [189]. The nRT values were estimated to be 6.3 × 1019 cm-3, 7.4 

× 1019 cm-3, 9.8 × 1019 cm-3, and 1.2 × 1020 cm-3 for samples A1 - A4, respectively (Table 4.1).  

Figure 4.11(a) shows Rs as a function of temperature (T) for Series A films, all of which exhibit 

metallic behavior down to 2 K.  In Fig. 4.11(b), the slight upturn in Rs around ~7 K - 8 K 

 

Figure 4.11 - Normal state transport measurements for Series A films. (a) sheet resistance RS from 

200 K to 2 K, (b) zoomed in Rs below 15 K, showing the kink at the Neél temperature TN of the 

Sm:EuTiO3 capping layer. (c) n3D as a function of temperature and (d) mobility μ as a function of 

temperature. Adapted with permission from ref. [90]. 
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followed by a downward kink reflects conduction in the Sm:EuTiO3 layer as it goes through 

an antiferromagnetic transition  [76,190], indicative of parallel conduction in both the 

Sm:EuTiO3 and Sm:EuxSr1-xTiO3 layers.  Figure 4.11(c) shows n3D as a function of 

temperature.  An abrupt downturn in n3D(T) starting around ~100 K is observed in all films, 

which has been attributed to the ferroelectric transition causing localization of some fraction 

of the mobile carriers needed to screen the polarization  [31,46]. The Hall mobility μ at low 

temperatures roughly scales with nRT as seen in Fig. 4.11(d), consistent with ionized impurity 

scattering.  The normal state transport behavior exhibited by the films mimics that of 

comparable heterostructures with 0% Eu  [189], indicating that the presence of 9% Eu has 

minimal effects on the normal state transport properties. 

Figure 4.12(a) shows R/Rn for the Series A samples A1, A2, and A3.  The measurement for 

sample A4 is shown separately in Fig. 4.12(b).  The extracted Tc values as a function of nRT are 

shown in Fig. 4.12(c), along with values from Sm:EuTiO3-capped Sm:SrTiO3 films of 

comparable thickness from Ref.  [169]. The Tc steadily increases with nRT to a maximum of 

 

Figure 4.12 - Normalized resistance R/Rn as a function of temperature for (a) samples A1-3 and (b) 

sample A4. The alternating high and low values of R in the normal state are due to artifacts from the 

lock-in amplifier, and the slight upturn in R before the superconducting transition is occasionally 

observed in films with non-enhanced Tc. (c) Tc versus nRT for series A films, along with values from 

comparable Sm:EuTiO3–capped Sm:SrTiO3 films grown on LSAT  from ref.  [189]. Adapted with 

permission from ref [90]. 
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400 mK in the optimally doped sample with nRT = 9.8 × 1019 cm-3 (A3), followed by a sharp 

drop-off of Tc at higher doping densities.  The superconducting dome of these 9% Eu samples 

is similar to that of the superconducting domes exhibited by strained SrTiO3 in the high-doping 

regime  [31] in that the peak occurs at similar nRT values and a sharp drop-off in Tc is observed 

on the overdoped side.  The Tc’s are also essentially unsuppressed when comparing to strained 

SrTiO3 films [grey circles in Fig. 4.12(c)]  [169]. We note again that thinner films capped with 

Sm:EuTiO3 have generally lower Tc’s than thicker films (see refs.  [31,189]), but all Tc’s are 

enhanced compared to unstrained Sm:SrTiO3 films  [31]. R/Rn as a function of magnetic field 

for the Series A samples are shown in Fig. 4.13, and the extracted Hc2 values are given in Table 

4.2 along with values of other previously reported strained EuxSr1-xTiO3 films for 

 

Figure 4.13 - Critical field measurements for films A1-3, measured at 20 mK. Measurements were 

taken by first ramping the field to 0.1T and then slowly ramping down. Adapted with permission 

from ref. [90]. 
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comparison  [130,169]. As can be seen from Table 4.2, the Hc2 values for these 9% Eu films 

are strongly suppressed, even compared to the films with (nominally) 3% Eu  [130]. Though 

Hc2 measurements for both in-plane (ip) and out-of-plane (oop) field orientations could not be 

collected for all samples, the similarity in the oop and ip Hc2 values suggest that the normally-

observed anisotropy of Hc2 in parallel and perpendicular fields for thin film SrTiO3 has been 

suppressed. 

 

4.3.3 Results: Series B 

Normal state transport measurements for Series B are shown in Fig. 4.14.  All films were 

nearly optimally doped with nRT estimated to be 9.8 × 1019 cm-3, 8.3× 1019 cm-3, and 8.2 × 1019 

cm-3 for samples B1, B2, and B3, respectively (sample B1 is the same as sample A3 from 

Table 4.2 - Properties of strained Sm3+-doped EuxSr1-xTiO3 films and heterostructures. Samples 

marked with a * were capped with ~10 nm Sm: EuTiO3. The thin capped samples are from ref.  [189] 

and the thick uncapped Eu-alloyed samples are from ref.  [130]. Adapted with permission from ref. 

[90]. 

Thickness 

(nm) 

nRT (cm-3) x 

(%Eu) 

ip Hc2 (T) oop Hc2 

(T) 

Tc (mK) Ref. 

70* 9 × 1019 0 1.2 0.77 410 [189] 

40* 6 × 1019 0 2.7 1.0 320 [189] 

170 8 × 1019 0.5 1.4 1.0 600 [130] 

167 7 × 1019 2 1.0 0.6 550 [130] 

187 5 × 1019 3 0.6 0.4 500 [130] 

68* 6.3 × 1019 9 - 0.028 290 this work 

(A1) 

92* 7.4 × 1019 9 0.018 - 330 this work 

(A2) 

75* 9.8 × 1019 9 0.035 - 400 this work 

(A3) 
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Series A).  Figures 4.14(a,b) show Rs(T), which again is qualitatively similar to that of 

Sm:EuTiO3-capped Sm:SrTiO3 films with 0% Eu.  The lack of any additional anomalies in 

Rs(T) would suggest that up to x = 0.30 Eu, no spontaneous magnetic ordering occurs.  This 

has also been confirmed by SQUID magnetometry measurements  [90]. As can be seen from 

Fig. 4.14(c) increasing the Eu content also has negligible effect on the low-temperature Hall 

mobility, as the curves essentially fall on top of each other.  Figure 4.14(d) shows n3D as a  

 

Figure 4.14 - Normal state transport properties as a function of temperature for series B. (a) R
s
 from 

200 K to 2K, (b) zoomed-in R
s
 from 15 K to 2 K, (c) mobility and (d) n

3D
. Adapted with permission 

from ref. [90].   
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function of temperature for Series B.  All films possess similar n3D at elevated temperatures 

and exhibit carrier depletion beginning around ~100 K.  As the Eu content increases, the degree 

of carrier depletion decreases, explaining the different Rs values in Fig. 4.14(b).  The 

superconducting transitions for Series B films are shown in Fig. 4.15.  The Tc of sample B1 

(A3) is 400 mK, comparable to that of Sm:EuTiO3-capped Sm:SrTiO3 films with 0% Eu, while 

 

Figure 4.15 - Superconducting transitions measurements for Series B films. Measurements were 

taken on heating from base temperature. The small offsets of the resistance from zero are 

measurement artifacts. Adapted with permission from ref. [90]. 

Table 4.3 -  Summary of properties for Series B samples. The average Eu-Eu distance lEu-Eu was 

calculated using the Eu concentration x as measured by XPS. Adapted with permission from ref. [90]. 

Sample BEP x  XPS x  nRT (cm-3) 

EuxSr1-xTiO3 

Film Thickness 

(nm) Tc (mK) lEu-Eu (Å) 

B1 0.05 0.09 9.8 × 1019 75 400 8.7 

B2 0.10 0.14 8.3 × 1019 83 180 7.5 

B3 0.20 0.30 8.2 × 1019 92 0 5.8 
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that of sample B2 is suppressed to ~180 mK, and sample B3 does not exhibit a superconducting 

transition.  A summary of Series B film properties is given in Table 4.3. 

Figure 4.16(a) shows the SHG intensity measurements scaled by film thickness for the 

Series B films, along with a measurement of a comparable sample structure with 0% Eu shown 

for comparison (sample A in refs.  [169,189]). A sharp upturn in the SHG signal is clearly seen 

in the 0% Eu sample, whereas the transition is less pronounced the Eu-alloyed films, although 

remanences of it still exist.  As mentioned above, sharp SHG transitions can be broadened by 

even a small degree of strain relaxation  [157], however, as can be seen from the XRD data 

shown in Fig. 4.16(b), here, all films are fully strained and stoichiometric. Thus, the presence 

of Eu in concentrations of x ≥ 0.09 apparently suppresses sharp SHG upturns associated with 

a global ferroelectric transition.  This persistent finite signal at low temperatures can be 

attributed to the presence of polar nanodomains [157,168]. The change in the films’ 

 

Figure 4.16 -  (a) SHG signal normalized to film thickness as a function of temperature for Series B, 

alongside a comparable Sm:EuTiO3/Sm:SrTiO3/LSAT heterostructure, which displays the signatures 

of a global ferroelectric transition (sample A from ref. [189]). (b) On-axis XRD scans for the Series 

B, along with scan of the 0% Eu sample in (a). Adapted with permission from ref. [90]. 
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ferroelectric ordering behavior is also indicated by scanning transmission electron microscopy 

studies (Fig. 4.17), which show no polar nanodomains at room temperature for the x = 0.09, at 

least within the detection limits of the method, in contrast to a x = 0 film which shows moderate 

Ti displacements that are correlated.   

 

Figure 4.17 - HAADF-STEM images taken at room temperature of sample (a) A3 and (b) 

comparable EuTiO3/SrTiO3 sample (sample A from refs. [168, 186]. The overlaid arrows represent 

the off-centering displacement vector of the Ti columns, and their magnitudes have been magnified 

8 times. Adapted with permission from ref. [90]. 
 

4.3.4 Discussion: Ferroelectric Transition 

As mentioned in the introduction, the ferroelectric transition in strained SrTiO3 has both 

displacive (soft-mode) and order-disorder characteristics, the latter being evidenced by the 

presence of nanodomains above the transition, which are an essential precursor to the 

ferroelectric transition. The SHG in Fig. 4.16(a) would indicate that the addition of x ≥ 0.09 

Eu has led to a crossover upon which a long-range ordered state cannot be established, although 

the steadily increasing SHG signal with decreasing temperature of the moderate-Eu films 
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indicates that the degree of polarization is still increasing.  It is reasonable to assume that Eu 

produces minimal crystalline disorder in SrTiO3 due to its almost identical ionic radius to Sr, 

which is supported by the similar crystallinity exhibited by all films in XRD [Fig. 7(b)] and 

the relatively unchanging normal state transport properties across series B (Fig. 4.14).  

Although both SrTiO3 and EuTiO3 are considered incipient ferroelectrics due to a soft mode 

instability, SrTiO3 is much closer to its quantum critical point. Studies of EuxSr1-xTiO3 solid 

solutions have found that the dielectric constant (𝜖′) becomes strongly reduced in going from 

x = 0 to x = 0.2, and the 𝜖′(𝑇) behavior changes from that of SrTiO3, which has a saturating 

𝜖′(𝑇) as T approaches 0 K, to relaxor-type behavior with a very broad 𝜖′(𝑇) peak around ~30 

K  [167]. The 0 ≤ x ≤ 0.25 range has correspondingly exhibited a strong increase in the 

frequency of the soft transverse optical phonon mode  [191]. This supports the idea that the 

addition of Eu to the SrTiO3 host lattice decreases the polarizability and leads to a crossover 

from a uniform polar ferroelectric ground state to a state with only locally dipolar regions. A 

similar SHG signal is seen in PLD-grown, strained SrTiO3 films, which exhibits relaxor-like 

behavior  [168](Fig. 4.5) , thus implying the presence of locally polar regions. 

 

4.3.5 Discussion: Superconducting properties 

It is rather remarkable that replacing 9% of non-magnetic Sr2+ with magnetic Eu2+ results 

in virtually no suppression of Tc [Fig. 4.12(c)] and that superconductivity survives up to at least 

14%.  In an s-wave superconductor, AG theory states that the introduction of magnetic 

impurities should cause an immediate and continuous suppression of Tc as a function of 

impurity concentration  [174] with typical critical concentrations being on the order of ~ 1 
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at.%  [192]. While the addition of magnetic Eu2+ does eventually suppress the Tc, there is an 

initial regime in which it has virtually no effect. In fact, the situation is more analogous to 

Anderson’s theorem for the effect of nonmagnetic impurities on s-wave superconductors, in 

which the impurities impose virtually no suppression of Tc up to a certain critical concentration, 

above which the impurities begin to have larger effects than simply increasing scattering 

rates  [193]. It should be noted, however, that the AG theory tends to hold most strongly for 

binary and pseudobinary systems.  For ternary systems, it has been suggested that the existence 

of distinct crystallographic sites allows for spatial separation between the conduction electrons 

and the magnetic sublattice, which could reduce the effect of the exchange interaction  [192]. 

Another possible source of resistance to the effect of magnetic impurities is Kondo screening. 

However, Kondo screening is typically manifested by an upturn in resistivity, which we do not 

see between 2 K and 300 K. 

Unlike Tc, the magnetic response of the superconducting x = 0.09 film does display 

markedly different behavior from that of doped, strained SrTiO3 or even EuxSr1-xTiO3 with x ≤ 

0.03.  As seen in Table 4.2, though the Tc values at x = 0.09 are relatively unsuppressed, the 

Hc2 values are suppressed by an order of magnitude (or more) and values are similar to those 

of bulk SrTiO3  [194,195]. This suggests a crossover into a different type of superconducting 

regime associated with the Eu alloying.  Interestingly, the suppression of Hc2 by moderate Eu 

alloying correlates with the suppression of a global ferroelectric transition.  Notably, fully 

strained films with x ≤ 0.03 exhibit the signatures of a global ferroelectric transition in SHG 

along with large Hc2 values  [130]. One possible explanation for enhanced Hc2’s at low x is that 

when ASOC is present due to inversion symmetry breaking, spins are pinned and there will be 

an additional energy cost for pair-breaking for certain magnetic field orientations  [140]. As 
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the long-range ordered ferroelectric state is lost, any enhancement of Hc2 by ASOC would then 

diminish.  At this point, however, this suggestion is purely speculative.  We also note that both 

ip and oop Hc2’s are reduced in magnitude while the effect of ASOC on Hc2 should be strongly 

directional.  

 

4.3.6 Conclusions 

We have shown that films of Sm-doped EuxSr1-xTiO3 remain superconducting up to Eu 

concentrations of at least x = 0.14.  The crossover from formation of a long-range ferroelectric 

state induced by strain to one that contains only locally polar order is supported by the 

suppression of a strong upturn in SHG intensity. The strongly suppressed Hc2’s in this regime 

suggests that the long-range polar phase may provide protection from magnetic depairing, 

which is lost when the polar domains become randomly oriented, adding to the growing 

evidence that polar order influences the superconductivity of SrTiO3.  The eventual total 

suppression of superconductivity between 0.14 < x < 0.30 may also be connected to the 

suppression of polar order, but at this point we can only speculate.  The results show, however, 

that suppressing ferroelectricity, i.e., driving the films closer to a putative quantum critical 

point, in this case via Eu alloying, does not promote superconductivity, contrary to the 

suggestions of some of the theoretical proposals.  There are very few theories that directly 

connect superconductivity to spin-orbit coupling  [196,197] although there are recent 

suggestions of a more indirect link via a modification of the phonon coupling  [56]. It is hopeful 

that the results motivate further theoretical studies in the role of static polar order in the 

superconductivity of SrTiO3.   
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Chapter 5. Summary and future directions 

5.1 BaSnO3 

5.1.1 BaTiO3/BaSnO3 heterostructures 

Attempts to reduce interfacial traps in heterostructures of high-k (ferroelectric) BaTiO3 on 

La-doped BaSnO3 channels were carried out by growing both layers in the same growth 

chamber without breaking vacuum between the growth of the layers. Secondary phases were 

observed to have formed which were not exhibited in calibration samples of either BaSnO3 or 

BaTiO33, indicating they are likely formed by an interfacial reaction between the BaSnO3 and 

BaTiO3. A possible cause could be remnant Sn droplets on the surface of the BaSnO3, though 

this is purely speculation. Some of these phases could be suppressed by post-growth annealing.  

All samples suffered from carrier depletion due to the BaTiO3 capping layer, as would be 

somewhat expected due to the ferroelectric polarization of BaTiO3. The reduced carrier density 

lead to a strong reduction in mobility or insulating behavior due to the reduced screening effect. 

It is unlikely that the interfacial defects were the main cause for the lower mobility as interfacial 

and surface scattering has been shown to be relatively negligible in BaSnO3 films (at least 

above thicknesses of ~20nm). Mobility may have been relatively less affected by the depletion 



121 

 

had a higher carrier density in the channel been used. However, for depletion mode MOSFET’s, 

high channel densities will not allow for complete pinch-off. 

 

5.1.2 Lattice-matched growths 

The very limited lattice-matched growths presented here resulted in differing behavior, 

though both grew fully coherent films with no relaxation-induced dislocations. The growth on 

SrZrO3 substrates resulted in a noticeable improvement of the mobility relative to calibration 

samples, though the mobility of 130 cm2 V-1 s-1 is far below that maximum mobility that has 

been achieved in other films. It is likely that the use of the smaller (and less-optimized) 

substrate limited the growth quality due poor thermal coupling during growth. This highlights 

the fact that mobilities in BaSnO3 films are equally as sensitive to defects produced by poorly-

controlled growth conditions as to the presence of relaxation-induced dislocations. The growth 

on a BaSnO3 substrate, on the other hand, resulted in a severely reduced mobility relative to 

calibration samples. This in part could be attributed to the poor surface quality of the substrate. 

However, the vastly different growth rate of the sample also points to the possibility that the 

growth conditions were shifted for this growth, likely due to the irregular shape of the BaSnO3 

crystal. Again, these results seem to indicate that the reduction of threading dislocations is of 

minor importance when poorly-controlled growth conditions produce a high degree of 

nonstoichiometric defects. 
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5.1.3 Stoichiometry in MBE-grown BaSnO3 films 

It was demonstrated that La-doped BaSnO3 films with moderately high mobility could be 

grown using only SnO2, Ba, and La effusion sources. The use of an additional oxidant 

(molecular oxygen or RF-plasma) shifted the growth conditions to lower SnO2/Ba flux rations 

and only marginally improved mobility. This implies that a significant amount of the oxygen 

incorporated into the film comes from SnO regardless of the use of the additional oxidant, 

which also leads to extremely Sn-rich conditions. The excess Sn can be incorporated on the A-

site as SnBa antisite defects, and indeed formation of these defects may even be somewhat 

preferred due to the ability for Sn to remain in the Sn2+ charge state, which it favors in reducing 

(UHV) environments, over Sn4+, which is needed for Sn to sit on the B-site. The presence of 

SnBa defects was elucidated by the strongly reduced lattice parameters due to the smaller ionic 

radius of Sn2+ sitting in the much larger Ba2+ site. Interestingly, the region where the highest 

concentration of SnBa is expected (i.e. where the lattice parameter is most reduced) also 

coincides with the highest mobility films. The poor electrical properties of films with 

‘stoichiometric’ lattice parameters is explained as being due to a higher concentration of 

expanding defects such as Ba vacancies, which compete with the SnBa and average out to what 

appears to be a ‘stoichiometric’ lattice parameter. As SnBa are charge neutral defects, they 

would be expected to have less of a detrimental effect on mobility than charged defects such 

as vacancies. 

Thus, these results indicate that SnBa may pose an upper limit to the mobility of MBE-

grown films, as all indications are that they exist regardless of how much additional oxidant is 

supplied, ozone included (Fig. 5.1). The dual valence of Sn, which prefers the Sn2+ state in the 
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UHV environment of MBE, must be overcome by providing strongly oxidizing conditions, 

which may be difficult to achieve in UHV MBE. 

 

5.1.4 Future directions 

The successful utililization of a metal-organic precursor which contains Sn4+ bonded to 

oxygen, such as SnTB, would be a very likely route to achieving fully oxidized BaSnO3 films. 

Other MO sources for Sn have been used, but they are unable to produce mobility on-par with 

what can be achieved with SnO2 sources (Fig. 5.1). This could be in part due to the MO used, 

which contains no oxygen. SnTB was found to be difficult to reliably deliver to the growth 

substrate without degrading, and so improvement of the delivery of SnTB would be necessary. 

The development of a different molecule that has the desired Sn4+ bonded to oxygen which 

possesses more desirable thermal properties could also be a route forward. 

Realistically, however, the most important obstacle for the further development of BaSnO3 

for possible device usage will be the development of a lattice-matched substrate that can be 

easily and commercially produced. The presence of threading dislocation not only poses an 

ultimate limit to mobility of bare films, but also degrades the properties of epitaxial 

heterostructures for possible high power-density FETs. For epitaxial high-k barrier layers, the 

misfit dislocations likely penetrate through the barrier layer and serve as a leakage path. The 

dislocations also serve as a severe source of scattering and necessitate a relatively high carrier 

density in a channel to maintain high mobility. However, this high channel density needed to 

maintain mobility may be higher than can be reliably pinched off in FET devices. Thus, 
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reducing dislocations may allow for more overlap between the carrier density regions which 

allow for high mobility and those which can be effectively gated. 

 

Figure 5.1 - Comparison of maximal mobilities achieved for MBE-grown BaSnO3 films using 

various Sn and oxidant sources, compared to single crystals. Data adapted from 

refs  [6,78,80,84,198]. 
 

 

5.2 Sr3SnO 

5.2.1 Summary: Sr3SnO growth 

It was demonstrated that the using SnO2 and Sr sources, Sr3SnO could be grown via MBE. 

Though this had been achieve by other groups as well  [121], it was shown by cross-section 

SEM that multiple phases can easily coexist in the films, which cannot be identified with XRD 
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alone. Furthermore, this weakened the idea that a true adsorption-controlled growth window 

could be achieved using this growth method. It was also demonstrated that depositing an 

insulated ZrO2 protective capping layer using a metal-organic ZTB source in the same growth 

chamber could effectively protect the air-sensitive Sr3SnO films from degradation such that ex 

situ structural measurements could be performed. 

 

5.2.2 Continued work: phase pure growth conditions and electrical 

measurements 

Continuation of the Sr3SnO work was carried out by Wangzhou Wu, who was able to 

identify growth conditions which achieved single-phase Sr3SnO as told by SEM cross-

sections  [87]. Wu was also able to electrically characterize the films by removing the samples 

from the chamber load lock directly into glovebag filled with inert N2. The sample would then 

be assembled onto a measurement puck in the inert atmosphere, and then quickly delivered to 

the physical property measurement system (PPMS) while still in the glovebag. Controllable 

doping was also demonstrated by using In5- instead of Sr vacancies, which avoided the issue 

of introducing secondary phases by changing the Sr/SnO2 flux ratio [88]. The same order of 

magnitude of carrier density reported to produce superconductivity in the polycrystalline 

samples [22] was achieved using this method in films, but no superconductivity was 

observed [88]. 
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5.2.3 Future Directions: Improvement of the capping layer 

Though the indications so far make it unlikely that Sr3SnO is an intrinsic topological 

superconductor, a topological Dirac oxide is an interesting material system to explore in itself. 

This, however, would require a much more robust method for electrical measurement and 

device fabrication than the very energy intensive glovebag technique.  

Though the ZrO2 capping layer was found to be adequate to allow for structural 

measurements, early attempts at device fabrication through the ZrO2 failed. The proposed 

method for contacting the protected Sr3SnO layer through the cap was quite simple: using a 

combined ion mill and sputter system available in the UCSB Nanofab, the areas of the sample 

intended for contact deposition would first be etched down by the ion mill to expose the 

Sr3SnO. Then, without breaking vacuum, metallic contact layers would be sputtered, which 

would cover up the now-exposed Sr3SnO areas and thus protect them once removed from the 

vacuum. The details of lithography for such a method may take some development but the idea 

itself was very straightforward. Unfortunately, it was found that samples would degrade during 

the processing. For the sample processing, the samples spent a significantly larger amount of 

time in ambient air than normal, as well as being placed in numerous liquid baths during the 

lithographic process. Thus, it seems likely that the ZrO2 was not as fully protective as originally 

believed. Porosity in MO-grown ZrO2 is a documented issue  [123] (Fig. 3.4b), in part due to 

the narrow temperature window that produces both ample growth rates and fully-dense films. 

Small deviations from this window can introduce porosity. Further calibration of the growth 

conditions needed for achieving fully dense ZrO2 could thus be beneficial, though the degree 

of control necessary might not be possible as the substrate heater in the MBE system is not 

well-controlled at such low temperatures. The degradation issue may have been caused most 
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directly by incomplete coverage of the ZrO2, possibly leaving Sr3SnO on the edges unprotected 

which would oxidize, and this oxidation could then spread throughout the film. The effect of 

the narrow temperature window for fully dense growth could be exacerbated at the edges of 

the sample, where a temperature gradient likely exists. As it was found that a relatively thick 

film (> ~100nm) is required to protect at least the interior areas of the film from fast oxidation, 

the inability to grow such a thick and dense film on the edges may ultimately limit ZrO2 grown 

using ZTB from serving as a robust protective layer. Deposition methods which are more 

physical in nature than chemical – such as sputtering – may be better suited to achieve full 

edge coverage if such a capability was available without the need to break vacuum, though 

there could be other difficulties encountered. 

 

 

5.3 SrTiO3 

5.3.1 Summary: ferroelectricity and superconductivity in EuxSr1-xTiO3 films 

Superconductivity in Sm-doped EuxSr1-xTiO3 films survives up to x = 0.14, despite the high 

concentrations of magnetic Eu2+ which would be expected to destroy the superconductivity in 

a conventional s-wave superconductor. The eventual suppression of superconductivity can 

more likely be attributed to the crossover from a globally ferroelectric state to a locally polar 

state due  to the reduction of the polarizability of the lattice introduced by Eu alloying. Though 

superconducting Tc is not suppressed at x = 0.09, the loss of a global ferroelectric state is 

observed, and severely reduced Hc2 values are measured as well. This may indicate that, though 

the length scale of the locally polar regions may be sufficient for maintaining the enhanced 
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Tc’s, the influence of Rashba-like ASOC is suppressed by the reduction in ‘average’ broken 

inversion symmetry across the crystal, thus limiting the resistance to magnetic depairing from 

the applied field.  

These results cast doubt on the theoretical proposals which would indicate that driving the 

films closer to a putative ferroelectric QCP promotes the superconductivity, as we see instead 

see suppression. These results also provide yet another piece of evidence that static broken 

inversion symmetry may be a key component of superconductivity in SrTiO3, and that this 

broken inversion symmetry need not be global if locally polar domains of some critical size 

(relative to the Cooper pair spacing) is maintained. 

 

5.3.2 Future Directions 

In the context of Eu-alloyed SrTiO3 films, more in-depth measurements of the behavior of 

Hc2 with x under various orientations would have been desirable, had the EuTiO3 capping 

layers not experienced degradation. Mapping the Hc2 as a function of T can also provide useful 

information about the superconducting state. 

More broadly, it would be extremely interesting to investigate the behavior of polar 

nanodomains as a function of temperature using high resolution STEM. Some attempts have 

been performed  [124], but the mechanical noise introduced by cooling systems is not trivial 

to overcome, though it is possible to do and indeed is currently being pursued. The evolution 

of nanodomains as temperature is lowered, particularly in films which do not exhibit a global 

ferroelectric transition in SHG, would be very interesting to explore. Having information about 

the general length scale of the nanodomains at temperatures closer to the superconducting 
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transition may provide information as to how local polarity plays into the superconducting 

state. 

Another area that was not explored in this thesis – but nonetheless remains somewhat 

unanswered – is the effect of the EuTiO3 capping layer on the Tc’s of films. So far, the only 

EuTiO3-capped SrTiO3 films measured for superconductivity have been thinner than ~100 nm. 

As shown in ref.  [169], the depolarization field experienced by thin films can destroy 

ferroelectricity (and the superconductivity) below some critical thickness. However, upon 

approaching this critical thin-ness, it is likely that the depolarization fields may suppress the 

Ti displacements as well, which is somewhat supported by the limited STEM measurements 

performed on the thinner films. As mentioned, these thinner capped films exhibited enhanced 

Tc’s but which were lower than the enhanced values measured in thicker, uncapped films. Thus, 

it would be interesting to grow thicker SrTiO3 films, cap them with 10 nm of EuTiO3 and 

measure the Tc’s. If they are still suppressed relative to comparably thick, uncapped films, then 

this would indicate that the EuTiO3 is in part responsible for the suppression. If not, then the 

reduced polarization of thinner films is responsible for the reducing the enhancement of the Tc, 

providing even more evidence for the importance of static polarization in SrTiO3 

superconductivity.    

Ultimately, the link of broken inversion symmetry and superconductivity in SrTiO3 is most 

exciting for the possibility of realizing a spin-triplet superconductor, and thus possible intrinsic 

topological superconductivity. To the knowledge of this author, the only direct evidence for 

such a state would be provided by the NMR Knight shift in the superconducting state. The 

requirement of refrigeration below 2K to access the superconductivity of SrTiO3 presents an 

experimental difficulty for such a measurement.   
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Appendix A  

SnO2 cell clogging, cell damage, and pits in BaSnO3 films 

During the calibration growth stage of one of my early growth campaigns, it was found 

difficult to achieve μ higher than ~70 cm2 V-1 s-1 regardless of how high SnO2/Ba flux ratio 

was used (Fig. A.1). It was also found that the growth rate was not scaling with Ba flux as 

generally expected (not shown). Lowering the growth temperature allowed for higher μ to be 

accessed, up to ~ 120 cm2 V-1 s-1 (Fig. A.1), and the growth rate then roughly scaled with Ba 

flux. This seemed to indicate that an excessive amount of Sn was being desorbed by the higher 

growth temperatures, though these growth temperatures had historically been able to produce 

higher mobilities without the problem of high Sn desorption. The maximum μ at the lower 

temperatures was also far below what could typically be achieved, and the flux ratios necessary 

to achieve the maximal mobilities at the time was also excessively high. 

AFM measurements of the lower-temperature films are shown in Fig. A.2. In the films 

grown at SnO2/Ba ratios above 40, pits can be seen to form, beginning as micropipe-like 

features in the sample grown at ratio 62, and getting larger in diameter as the flux ratio becomes 

more Sn-rich. The most likely cause was determined to be Sn droplets that had formed on the 

surface growing film, which etched away the underlying film. The largest pits in the highest 

ratio film were approximately 15 nm deep in a 40 nm thick film, indicating that they did not  
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Figure A.1 - Mobilities of BaSnO3 calibration growths as a function of SnO2/Ba flux ratio grown at 

different substrate temperatures, grown using the clogged SnO2 cell. 

 

 

 

Figure A.2 - AFM images of BaSnO
3
 film surfaces grown at lower substrate temperatures for various 

SnO
2
/Ba flux ratios. Micropipe features can be seen to form in the film grown with a ratio of 62, and 

these grow into larger and larger surface pits with higher flux ratios. 
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extend down to the substrate. Thus, they likely formed over the course of the growth and 

become larger as growth proceeded. They may have even served as a source of Sn 

incorporation during growth, as desorbing them at higher temperatures was detrimental to the 

total growth rate as well as mobility. This ordeal highlighted an intriguing fact about BaSnO3 

film mobilities as well: in this mobility regime, the mobility was much more sensitive to the 

film stoichiometry than macroscopic defects like surface pits. In other words, the maximal 

mobility was set by the maximal Sn incorporation that could be achieved with the current 

growth and flux conditions. The maximal mobility was achieved at SnO2/Ba of ~80, and as the 

flux ratio increased, little change in the mobility is seen as more Sn cannot be incorporated into 

the film, it simply forms droplets on the surface. The larger size of the pits (which would 

essentially function as a higher density of surface scattering centers for the mobile electrons) 

had essentially no effect on degrading the mobility of the films. 

This unusual behavior of the growth conditions signaled that the composition of the SnO2 

flux had shifted, and inspection of the SnO2 cell being used explained why. Shown in Fig. 

A.3(a), the mouth of the cell was severely clogged with a large SnO2 deposit. Despite the use 

of a hot-lip crucible with a base-tip temperature gradient of 100 °C, it seemed that SnO2 had 

preferentially deposited on the mouth of the cell, likely during the idle periods of the cell when 

the shutter was closed. This was a likely explanation for the drastically different flux 

composition that produced the Sn droplets in the films, and also why a significantly higher 

SnO2 BEP was needed. Flux BEP measurements only measure the total pressure of all species 

coming from the cell, it cannot give information about the relative composition. Switching to 

another SnO2 cell that was not clogged (for reference, one that looks like Fig. A.3(b)) allowed 

for the growth of higher μ films using lower flux ratios. 
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Figure A.3 - Photographs of (a) the mouth of a clogged SnO2 effusion cell in operation at high 

temperatures, (b) mouth of a normal (non-clogged) effusion cell in operation at high temperatures, 

(c) effusion cell unloaded from the MBE chamber with crucible removed, showing the damaged heat 

shielding from contact with SnO2 at high temperatures, and (d) undamaged effusion cell unloaded 

from the MBE chamber with crucible removed, for comparison. 

 

The reason as to why this severe buildup occurred was determined to be that the cell idle 

temperature had simply been too high. Idling at too high a temperature would cause persistent 

sublimation of the source, which would then buildup on the slightly cooler outer regions of the 

cell, including the shutter and surrounding recesses of the cell port. The hot-lip temperature 

gradient of 100 °C was apparently not sufficient to prevent this. Typical temperatures of the 

SnO2 (base) that produced growth-level fluxes were in the 1100 – 1200 °C range. An alumina 
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crucible must be used for SnO2 due to the propensity for reaction with metal crucibles, and 

PBN was also not deemed a viable option. Ceramic crucibles are more subject to cracking 

under thermal stress, and thus slower ramp rates must be used compared to metal and PBN 

crucibles. For SnO2, a ramp rate of 2 °C/minute was found to avoid cracking. This naturally 

resulted in extremely long heat-up times to the growth temperature if the idle temperature was 

low, and thus a high idle temperature of 900 °C was utilized. However, after the discovery of 

the clogged cell, the SnO2 idle temperature was lowered to 700 °C. The now-longer heat-up 

times were mitigated by programming the SnO2 cell to automatically begin warming up early 

in the morning on a growth day, such that it was at ~ 900 °C by the time the grower begun 

setting up for the growth. 

A further discovery from the severely clogged SnO2 cell was how damaging SnO2 could 

be to the Mo and Ta metal components of the cell at the elevated temperatures. A photo of one 

of the SnO2 cells after being removed from the chamber is shown in Fig. A.3(c). A significant 

amount of degradation is seen, which is not expected as these cells are designed to be able to 

withstand the high temperatures used. Thus, it was determined that SnO2 is highly reactive 

with metals (at least Mo and Ta) at such high temperatures, and direct contact SnO2 buildup 

with the outer metallic part of the cell should be avoided as much as possible. This problem 

was relayed to engineers at E-Science Inc., who developed an alumina crucible with an 

extended lip that covered the top outer portions of the Mo heat shielding of the cell (Fig. A.4). 

After utilizing the overflow lip crucible and also using a lower idle temperature for the SnO2 

cell, cell clogging was no longer observed and cell damage was minimized. In general terms, 

before using the new crucibles and the lower idle temperatures, the effusion cells used for SnO2 

were found to be in need of some degree of repair after almost every single growth campaign. 
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After the buildup mitigation strategies were put in place, SnO2 cells could be re-used without 

maintenance after every growth campaign.  

 

Figure A.4 - Photograph of a 120cc alumina crucible with extended lip used for SnO2 source material 

to prevent damage to the effusion cell heat shielding.  
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