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Abstract

Mechanisms of Microstructure Development at Metallic-Interlayer/Ceramic Interfaces During

Liquid-Film Assisted Bonding

by

Joshua Daniel Sugar

Master of Science in Engineering-Materials Science and Engineering

University of California at Berkeley

Professor Andreas M. Glaeser, Chair

Alumina has been bonded via copper/niobium/copper interlayers, and correlations have

been made between various processing conditions (applied load, processing temperature, copper

film thickness, surface roughness, etc.) and strength. Four-point bend strengths and micrographs of

fracture surfaces have been used to determine the relationship between processing, microstructure,

and properties. Transparent sapphire substrates bonded with copper/niobium/copper interlayers

were used in model experiments to track the microstructural development of these ceramic/metal

interfaces and to identify the important mechanisms that contribute.

High interfacial strengths were generally associated with small unbonded regions, extensive

breakup of the copper film into isolated particles, ceramic pullout, and regions of niobium/alumina

contact where the grain boundary grooves of the alumina are visible on both sides of the fracture

surface. Experiments with sapphire substrates showed that asperities in the niobium and grain

boundary grooves in the niobium play an important role in the initiation and growth of

sapphire/niobium contact. The presence of a liquid film can enhance the kinetics of

sapphire/niobium contact and growth by providing a low-temperature high-diffusivity path.
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The breakup of the copper film was described using two models that were in fairly close

agreement. The breakup of the copper film depended on the asperity density in the niobium,

niobium grain boundary density, liquid film redistribution, and the breakup of liquid patches via

Rayleigh instabilities. The redistribution of the liquid was affected by defect geometry, local film

thickness, and local interfacial crystallography.

Thermal grooving effects of liquid copper on alumina and niobium were studied using

conventional sessile drop experiments. The thermal grooving of one particular grain boundary in

alumina when in contact with copper and niobium was studied using a fabricated bicrystal. Both

diffusion mechanisms and the dissolution-precipitation reaction of alumina in niobium limited the

kinetics of thermal grooving.
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1. Introduction

Few modern devices are based on monolithic structures comprised of a single phase or

material. Instead a structure might incorporate several different phases and/or kinds of materials

with vastly different properties and functionally distribute the various properties to specific

locations in the structure. Modern structural alloys are often multiphase and contain interphase

interfaces. Modern microelectronic components contain multiple phases, and in some cases, an

intergranular phase. Materials used at elevated temperature can contain interphase interfaces that

develop during thermal processing (e.g., precipitation of a second phase during age hardening), and

can have heterophase interfaces that are introduced during later stages of processing as well. An

example of the latter type of interface is that between a high-temperature structural alloy and an

oxide thermal barrier coating designed to extend the component’s temperature capability and

lifetime. Structural concrete contains reinforcing steel rebar that increases the tensile strength by

compressing the concrete and locally reducing the driving force for crack tip extension. Composites

used in dental implants often contain acrylic resins and stiff inorganic fillers. Modern sporting

equipment is often made from composite materials to have lightweight and high strength.

Surfboards have a fiberglass reinforced plastic shell to make them stronger, lighter, and faster on

the ocean. Thus, the seam between two phases/materials has become an important topic of study

to ensure that interfacial properties do not degrade the desired properties of the bulk structure.

Ceramic materials have many beneficial properties, creating an appealing substitute to

metal alloys in many applications. Ceramics have a relatively low density and high strength, making

them good options for applications where the strength/weight ratio might be important, i.e.,

vehicle frames. The chemical stability and inertness of ceramics create possibilities for uses at high

temperatures, i.e., internal combustion engines, or in applications where byproducts of chemical
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degradation might be deleterious to one’s health—biomedical implants. Lastly, excellent wear

resistance of ceramics makes them a compelling choice for cutting tools, nozzles used at high

pressures, or for ink-jet printing.

Often ceramics are not cost-effective because of the processing difficulties that arise.

Crystalline ceramics cannot be cast or wrought like metals can. Usually ceramic parts are made

from fine powders formed into green compacts and sintered to form high-density, fine-grained

bulk material. This process does not lend itself well to forming large objects of complex shape.

Ironically, the high strength and hardness of ceramic materials also makes it quite difficult,

laborious, and expensive to machine them into useful parts with complicated shapes. A possible

alternative is to process much smaller parts with simple geometry and join them together,

effectively resulting in the desired final structure.

Brazing and diffusion bonding are two methods of joining ceramics that have proven to be

successful. Brazing is closely related to soldering; a metal is melted and used as “glue” when it

solidifies to hold two pieces of ceramic together. In order for the braze metal to work as a strong

glue it must wet (see Background section for a definition of wet) the ceramic and bond to it.

Most braze alloys are based on Cu, Ag, and Au, and because of their relatively high excess liquid

surface energies (  g LV ) and small oxidation potentials they neither wet nor react with ceramics to

form strong bonds. This limits their usefulness.1 Additions of reactive metals such as chromium

and titanium to the braze metal have been shown to improve bond strength characteristics,2-4 but

the service environments of these types of bonds are still limited by the melting temperature of the

metal interlayer. The necessity for surface cleaning prior to joining to increase the surface tension

of the free surfaces and increase the driving force for the braze to wet the ceramic also places

limitations on brazing. Further complications arise from the rejection of solute atoms that occurs

during solidification, which could cause the formation of an inhomogeneous microstructure that
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may be particularly susceptible to intergranular corrosion, causing the interface to have an

unexpectedly low strength.

Solid-state diffusion bonding uses a refractory metal as the interlayer between the two

ceramics. Rather than melting this metal interlayer, diffusion bonding subjects an assembly to a

pressure at high temperatures and activates diffusion in the metal interlayer. The pressure required

for diffusion bonding is relatively higher than the pressure required to form a strong bond using the

brazing technique. Activated diffusion drives metal atoms to the interface to eliminate voids and

pores, which promotes the formation of a strong bond between the metal and the ceramic. It has

been shown that diffusion bonds can be formed at half the absolute melting temperature,   

† 

Tm , but

typically temperatures as high as 0.8 – 0.9   

† 

Tm  are required for strong ceramic/metal joints.5 The

arrangement of bonded assemblies is limited to simple geometries that can withstand the pressures

used to process diffusion-bonded joints. Although wetting is not as important for diffusion-bonded

assemblies as it is for brazed assemblies, the contact angle that the metal makes with the ceramic

affects the geometry of flaws at the interface.6 Thermal stresses must be considered from expansion

mismatch between the metal and the ceramic material. Surface cleaning is important for diffusion

bonding for reasons similar to brazing, but flattening and polishing of surfaces to decrease the size

of pores and voids at the interface must also be performed prior to diffusion bonding. The

difficulties and limitations associated with brazing and diffusion bonding have prompted efforts to

develop new joining methods that combine the convenience afforded by utilizing a liquid phase

(e.g., lower bonding pressure, less stringent surface preparation requirements, and mass production

compatibility) with the performance advantages, specifically high-temperature use capability, more

easily achieved by solid-state diffusion bonding approaches. Methods of joining exploiting

interlayers that form a transient liquid phase have been developed in an effort to achieve this

desirable combination of process and performance characteristics. Transient liquid phases
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disappear because they are chemically unstable when in contact with the materials to be joined.

The constituents of the liquid can dissolve in the adjoining materials to form a solid solution, or

can react with the adjoining materials to form a stable refractory compound. Both processes lead to

the isothermal disappearance or consumption of the liquid. A variation on this theme employs a

liquid film that is chemically stable, but not morphologically stable. During joining, an initially

continuous liquid film evolves into a collection of discrete particles or liquid droplets along the

interphase interface.

Commercially, niobium/alumina diffusion bonds are used to seal arc tubes in sodium

vapor lamps. Because the coefficient of thermal expansion (CTE) of niobium (    78¥ 10-7 /o C)

closely matches that of alumina (    81 ¥ 10-7 /o C ), this “pressure” bonding technique has been

effective for this application. Previous studies have shown that a thin film of copper deposited on

the alumina substrates can increase the kinetics of the niobium/alumina interface formation.5,7-9 In

some instances the liquid phase can fill voids along the interface that could otherwise act as stress

concentrators and crack initiation sites. By providing a high diffusivity path for the niobium and

dissolving a small amount of niobium, the presence of a liquid copper film during processing greatly

enhances the mass transfer kinetics of niobium to the metal/ceramic interface, producing stronger

bonds in equal or reduced processing times and at lower temperatures than required for diffusion

bonding.

During processing the copper film dewets the ceramic substrate and forms isolated

droplets via Rayleigh instabilities.10 After cooling and solidification, a uniform dispersion of copper

particles acts as a ductile second phase and toughens the metal/ceramic interface. The mechanisms

that contribute to the initial breakup of the copper film exploit asperities or irregularities at the

niobium and/or alumina surface, grain boundary grooving of either the ceramic or metal surface,

and surface faceting caused by the presence of non-equilibrium surfaces at the interface. In addition



-5-

to aiding in the breakup of the copper film, grain boundary grooving and surface faceting can

roughen the surfaces at the interface creating a more tortuous interfacial crack path and adding

further toughness to bonded assemblies.

The general problem of joining ceramic components to themselves and to metals by mass

production methods remains an area of research in which there is significant room for

improvement. The present study employs a bonding technique that utilizes a non-equilibrium

liquid film that persists during processing; the liquid film redistributes into a collection of discrete

particles. This bonding technique is referred to as liquid-film assisted joining. Mechanisms that

explain the interfacial microstructure development in bonded assemblies are explored and an

attempt is made to understand the processing-microstructure-property relationship in alumina

joined with copper/niobium/copper interlayers.
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2. Background

A strong ceramic/metal interface plays a vital role in structural composites based on metals

and ceramics and in other structures intended for microelectronic, thermal, catalytic, biological,

and other applications. A strong interface allows the chemical and thermal stability of ceramic

materials to be paired with the ductility and toughness of metals to produce structures that are

useful in a plethora of demanding environments. As a result of the widespread applicability of such

structures, the fracture community has put significant effort into trying to understand crack

growth behavior in ceramic/metal composite systems.11-16 For high-temperature engine and energy

conversion applications, processing methods that provide an ability to form bonds that retain their

strength at temperatures close to or ideally higher than the joining temperature are especially

appealing. Low-temperature, transient-liquid-based methods of forming ceramic/metal bonds will

be discussed, and specific emphasis will be placed on materials relevant to this study and the

associated mechanisms of interface formation.

2.1 Wetting and Work of Adhesion in Metal/Oxide Systems

When three phases, such as a liquid, a solid, and a vapor come into contact with one other

along a line, a specific triple-junction geometry will develop that minimizes the surface energy of

the system. If the solid is rigid, then a potential equilibrium geometry is illustrated in Figure 2.1

(a).

The equilibrium geometry can be determined by a surface energy minimization procedure,

or in isotropic systems, by balancing the surface tensions. The surface/interfacial energies are

treated as forces acting parallel to the surface or interface with a magnitude given by   

† 

g ij  where   

† 

g ij  is

the energy per unit area of the interface between the i and j phases. When the substrate is rigid, the
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balance of forces is only in the horizontal direction (parallel to the substrate surface) and the

resulting relationship is sometimes referred to as the Young equation:

  

† 

gsv = gsl + g lv cosq (2.1)

where   

† 

gsl ,   

† 

gsv , and   

† 

g lv  are the energies per unit area of the solid-liquid, solid-vapor, and liquid-

vapor interfaces, respectively. A liquid is said to “wet” the solid surface when the contact angle, q, is

less than 90°, and when q is greater than 90° the liquid is said to be nonwetting. If a continuous

liquid film coats the surface, and q >0°, the film can “dewet” the substrate to reduce energy while

conserving volume. The work of adhesion is defined as the energy change when one destroys a unit

area of solid-liquid interface and forms a free liquid surface and a free solid surface.

    

† 

Wad = g lv + gsv -gsl( )
= g lv 1 + cosq( ) (2.2)

Low values of q are thus associated with a high work of adhesion; as q approaches 180°,     

† 

Wad  goes

to zero and the tendency for film breakup and dewetting increases. The interfacial fracture energy

scales with     

† 

Wad  when plasticity effects are neglected, and thus improved wetting characteristics

(decreasing q) lead to a non-linear (cosine dependent) increase in the interfacial fracture resistance.

Oxygen additions to liquid metals have the potential to alter   

† 

g lv  and   

† 

gsl . If the system is in

complete equilibrium, the ambient oxygen partial pressure,     

† 

p(O2 ) , will adjust, which in turn can

affect   

† 

gsv . Consequently, for liquid metals on substrates, the contact angle can depend strongly on

the     

† 

p(O2 ) . For the specific case of liquid metals on solid oxides, two limiting     

† 

p(O2 )  values arise,

one corresponding to the     

† 

p(O2 )  that would cause the oxide to reduce, and the other to the     

† 

p(O2 )

that would cause the metal to oxidize. At the extreme     

† 

p(O2 )  values, oxygen adsorption onto the

metal surface or oxygen desorption from the oxide surface causes drastic changes in the contact

angle. Over an intermediate range of     

† 

p(O2 ) , the contact angle is relatively insensitive to     

† 

p(O2 ) ; a

“plateau” region exists.17 For several metal/alumina systems “plateau” values of q fall between 110°
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and 130° and at the extreme     

† 

p(O2 )s they decrease to values as low as 90°. Specifically, the

copper/alumina system at 1150°C has a contact angle that plateaus at approximately 118°, and the

value of   

† 

g lv  is 1400 mJ/m 2 , a relatively high liquid surface energy. Considerable effort to model the

effect of     

† 

p(O2 )  on surface/interface energies and work of adhesion has been performed for the

copper/alumina interface that neglects the effects of melting, and also for the solid-state

niobium/alumina interface, and the results agree with experiment.18-21

When bonding copper to alumina it is possible to form strong bonds by increasing the

    

† 

p(O2 )  in the bonding environment. This has the effect of reducing q and increasing     

† 

Wad . At

sufficiently high oxygen contents, a CuO–Cu2O eutectic melt that wets alumina well forms.

However, at such high oxygen contents, copper oxides and/or copper aluminates could form. The

formation of brittle oxide particles combined with voids at the ceramic/metal interface reduces the

area of bonded region at the interface and causes a decrease in peel strength.22 Variable     

† 

p(O2 )

studies showed that the improved wettability of copper on alumina at higher     

† 

p(O2 )  may not be

due to the formation of copper aluminate at the interface, but to the adsorption of copper–oxygen

complexes at the solid/liquid interface.23 Although copper aluminate does form at some higher

values of     

† 

p(O2 ) , it does not seem to improve the wettability. A continuous copper aluminate layer

did not form at the copper–alumina interface at 1300°C with a     

† 

p(O2 )  of   

† 

10-4 �bar, but contact

angles <90° were reached.

Small additions of “active” elements like titanium, chromium, and yttrium, for example,

can greatly enhance the wetting characteristics of copper on alumina and reduce the contact

angle.2,24-26 Although interfacial reaction layers form in some instances and may cause the decreased

contact angle, it is possible that a reaction layer is not needed to reduce q, as observed with oxygen

additions. The contact angle depends on the time the droplet is held above its melting temperature,

and in general, the longer the drop is held at elevated temperature the lower the contact angle. In
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some cases evidence27,28 suggests that formation of a ridge at the triple-line (in response to achieving

a vertical force balance) and the migration of the ridge limits the rate of liquid redistribution and

contact angle adjustment at the surface.

2.2 Wetting at Bimaterial Interfaces

When two materials such as a metal and a ceramic are separated by a thin liquid film,

capillary forces will pull them into direct contact when the condition:

  

† 

q1 +q2 £ p (2.3)

is met, where   

† 

q1  and   

† 

q2  are the contact angles for the liquid on the ceramic and metal, respectively

(depicted in Figure 2.1 (b)). Spatial variations in the film’s morphological evolution may be

explained by: local differences in grain boundary misorientation and grain boundary energy in

either the metal or the ceramic that can affect the grooving kinetics; differences in   

† 

q1  and   

† 

q2

caused by local differences in surface crystallography or chemistry; and local variations in liquid

film thickness.

2.3 Solid-State Diffusion Bonding: The Niobium/Alumina Interface

The niobium/alumina interface has been studied extensively as a model metal/ceramic

system. The coefficient of thermal expansion closely matches for these two materials (a difference

of   

† 

3 ¥ 10-7/°C  for temperatures ranging from 25°C to 1000°C), which minimizes the formation of

thermal stresses at the interface. Niobium has a high melting temperature (2469°C) providing a

large range of bonding temperatures that could potentially be studied. The relationship between a

variety of processing parameters and the strength of the niobium/alumina interface has been

studied. A collection of all of these relationships could help to predict the properties of many other

metal/ceramic interfaces that are not appealing choices as model systems. The four-point-bend-

method has been used to measure fracture energies of polycrystalline-niobium/sapphire interfaces

in which the orientation of sapphire has been varied. Values of 26   

† 

J/m 2  and 55   

† 

J/m 2  have been
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reported for polycrystalline niobium bonded to (0001) and   

† 

(11 00)  sapphire respectively (high

vacuum, 1750°C, 10 MPa, 2h).29 When samples are fabricated with sputter-cleaned surfaces and in

ultra-high vacuum (UHV), fracture resistances similar to those observed from high-vacuum

samples are produced at substantially lower temperature, 

† 

ª1000°C, and fracture energies as high as

110   

† 

J/m 2  have been achieved in samples bonded at 1500°C.30 This increase in strength is in part

due to the “activation” or roughening that occurs from sputter cleaning, the reduced number of

impurities at the interface (oxygen, carbon, sulfur, and chlorine),31 and also as a result of the

reduced uptake of oxygen and aluminum into the niobium at the lower bonding temperatures in

the UHV environment. Observations have shown that impurities with larger atomic radii and

lower heats of sublimation than the bulk material that segregate to grain boundaries can lead to a

decrease in cohesion at the boundary.32 This model seems to apply for interfaces between dissimilar

materials as well in some cases, as was seen with silver (and to a lesser extent with sulfur), which

adhered completely to the metal side of the interface and caused a substantial decrease (in some

cases a decrease of more than 50   

† 

J/m 2  with silver impurities) in the fracture energy of the

niobium/sapphire interface.33

The strength of the niobium/alumina interface is also largely dependent on the thickness

of the niobium foil used in the bond. Large decreases in the Young’s modulus and the yield stress

for niobium/sapphire compression test samples with thicker niobium foils have been attributed to

the geometric constraint placed on the niobium foil from adhesion to the alumina.34

Niobium/sapphire has served as a model system for studies seeking to determine the

factors and mechanisms that lead to the formation of strong metal/ceramic interfaces. The increase

in interface fracture energy with decreased metal grain size after bonding and with increased

difference between final and initial grain size is explained by superimposing two competing effects

of niobium grain growth during processing.29 1) Samples with large initial and larger final grain
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sizes demonstrated decreased fracture energies when sweeping of metal grain boundaries over the

sapphire surface left unbonded and/or regions of weak interface behind because unfavorable

interface orientations predominated the interface due to the restricted grain growth of the large

grains. 2) Samples that experienced a large change in grain size during processing had higher

fracture energies when selective grain growth of increased the area density of low-energy

niobium/sapphire orientation relationships along the niobium/sapphire interface. Further

investigation35 into the mechanisms of sapphire/niobium interface formation at 1447°C with an

applied load of 2 MPa showed that grain boundary groove ridges in niobium provided initial points

of interfacial contact, from which faceted bonding fronts grew in directions that depended on the

crystallography of the niobium. The meeting of two bonding fronts resulted in a cylindrical void

that breaks up according to volume-diffusion-controlled kinetics in the niobium.

Significant dissolution of the sapphire occurs at elevated temperature; in regions of contact

the sapphire topography adjusts to conform to that of the niobium surface. The introduction of

lithographically processed cavities into the sapphire surface by Rühle et al.36 provided the basis for a

model study for the mechanisms of niobium/sapphire interface formation. The formation of

alumina precipitates at a distance from the interface confirmed that a dissolution reaction due to

the thermodynamic considerations of Schulze et al.37 must occur. At the bonding temperature, the

sapphire is dissolved, aluminum diffuses subtitutionally38 while the oxygen diffuses interstitially39 at

a much faster rate in the niobium lattice. During cooling, sapphire reprecipitates in the

lithographically processed flaws, which contributes to the closure of flaws at the interface.

TEM studies36,40-42 proved that the interfacial oxide layer seen by Moruzumi et al.43 was

actually preferential etching near the interface that occurred during TEM sample preparation,

leading to a shadow effect that caused a contrast seam incorrectly interpreted to be a NbOx layer.

These TEM studies also showed that faceting can occur to accommodate small misorientations
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between the close-packed planes of the alumina and the close-packed planes of the niobium in

oriented bicrystals.

2.4 The Copper/Alumina Interface

Because the ensuing work focuses on the copper/niobium/alumina system, and the

niobium/alumina interface has already been discussed, the copper/alumina interface deserves some

attention. Early studies on the copper/alumina interface report tensile strengths between 74 and 84

MPa when calculated from experimentally measured push-off bond strengths of 0.200 g metal

cylinders annealed on alumina discs at temperatures ranging between 1120°C and 1390°C for times

ranging from 5 to 30 minutes (not respectively).44 The strengths were largely dependent on copper

purity—high-conductivity copper interfaces were 14% stronger than spectroscopically pure copper

interfaces—and contact angle; lower contact angles (achieved by holding the sample at the wetting

temperature for longer times) increased interfacial strength. The strength of copper/alumina

interfaces is not attributed to a reaction layer as is the case in the tantalum/sapphire interface,45 but

rather to cation vacancies at the sapphire surface being replaced with metal ions and filling free

surface states. TEM and EELS studies showed that a charge transfer at the copper/alumina

interface (prepared using molecular beam epitaxy in ultra-high vacuum conditions) leads to the

Cu+1 oxidation state and the formation of copper-oxygen bonds across the interface. These results

were consistent with multiple scattering calculations.46 The stresses that develop at copper/alumina

interfaces due to thermal expansion mismatch (  

† 

Da ª 12 ¥10-6/°C ) can be quite significant and

cause debonding.45 These thermal stresses can be calculated accurately from simple models.47

Significant relief of mismatched thermal contraction stresses is achieved by low-temperature

annealing of copper/alumina interfaces after bonding (at 250°C), which can increase tensile

fracture stresses from 10 MPa to values greater than 80 MPa.48
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Annealed polycrystalline copper foils that were single crystalline over the thickness of the

foil were diffusion bonded to sapphire at 1067°C for 1 h in a reducing environment under an

applied load of 20 MPa with the <100> direction of the foils parallel to the <0001> direction of

sapphire.49 After bonding, TEM analysis showed that the grains in the copper foils had reoriented

themselves such that the <0001> direction of the sapphire was parallel to the <111> direction of

copper, which is not necessarily what one would expect from surface energy considerations, but it

seems that minimization of the lattice mismatch dominates the atomic arrangements at the

interface.49 Similar results have been found for niobium thin films (150 nm) grown on c-plane

sapphire using MBE techniques at 800°C, and may be useful in explaining the mechanism of film

reorientation.50 After film deposition the orientation relationship found between the niobium film

and the sapphire using Reflection High Energy Electron Diffraction (RHEED) showed the (111)

planes of niobium parallel to the (0001) planes in the sapphire. During anneals at 1500°C for times

ranging between 1 min and 4 h small grains of niobium embedded in the film with the (110) planes

parallel to the (0001) planes in sapphire completely consumed the film. This is consistent with the

thermodynamic analysis, which shows that above a critical film thickness (<12 nm) the Nb(111)

film becomes thermodynamically unstable and Nb(110) grain growth is favored.

The chemistry of the interface gets increasingly more complicated as more oxygen is

introduced into the system. Various chemical reactions occur and preferred orientation

relationships exist between copper, copper oxide, copper aluminates, and the alumina at the

interface.51 Sufficient evidence exists to suggest that there is a critical concentration of copper

aluminate, perhaps related to the critical oxygen concentration, above which the 4-point bend

strength of the copper/alumina interface decreases because the alumina is weakened by the CTE

mismatch with randomly oriented copper aluminate (    

† 

aa-axis = 11.0 ¥10-6/°C  and

    

† 

ac-axis = 4.1 ¥10-6/°C).52
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The mechanism for interface formation in the copper/alumina system is similar to that in

the niobium/alumina system. Initially, metal creep occurs at the elevated bonding temperature and

closes voids at the interface. Once creep has occurred, further void closure occurs by diffusion

processes and/or an evaporation/condensation phenomena, which require extended times at

elevated temperature. The amount of copper-oxygen eutectic liquid present at the interface greatly

reduces the time required for an increase in the bonded area because a sufficient amount of liquid

can fill interfacial voids.51 Sputter cleaning can increase the reliability and flexural strength of

copper/alumina interfaces in a similar manner seen in the alumina/niobium system.31

2.5 Bonding Using Interdiffusing Metal Multilayers

Interdiffusion in the solid state has also been shown to produce strong bonds in the silicon

nitride/nickel/niobium system at temperatures much lower than brazing temperatures required for

this system.53 This bonding technique requires a thin film interface metal (foil or film) and an

adjacent metal, which interdiffuses to the ceramic/metal interface. No clear explanation of a

bonding mechanism is provided, but the closure of pores at the ceramic/metal interface due to

imbalanced vacancy fluxes that usually occur during metal interdiffusion (the Kirkendall effect) is

one possibility. This method of bonding is a precursor to a technique using multilayer

copper/niobium/copper interlayers that will be discussed shortly. First, bonding methods that

utilize a nonequlibrium liquid phase must be discussed.

2.6 Bonding in the Presence of a Transient Liquid Phase

The presence of a liquid phase can reduce bonding times. Van Houten provided a survey

of ceramic-to-metal bonding techniques used prior to 1959 of which those that utilized a liquid

phase were labeled “of greatest current interest.”54 Solid-liquid interdiffusion (coined SLID in

1965) is a bonding technique that utilizes a liquid phase that isothermally solidifies during
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processing. At temperatures higher than the processing temperature the interlayer did not

reliquefy.55 This technique was originally developed for use in integrated circuits.

In 1972 a technique was developed for joining heat-resistant alloys (nickel superalloys)

wherein a thin interlayer alloy of specific composition and melting point temporarily melts during

processing and isothermally solidifies to produce a bond whose thermal and chemical

characteristics resemble those of the base metals.56 This type of bonding technique is called

transient liquid phase (TLP) bonding.

Several efforts have been to adapt this technique to ceramic joining. TLP bonding in the

silicon nitride system with an oxynitride glass liquid interlayer produced bonds with strengths

roughly half those of the sintered silicon nitride material (ranging between 376 MPa and 310 MPa

for SRI-sintered silicon nitride and as high as 555 MPa at 1000°C for AS800 silicon nitride), but

higher than those obtained by other joining techniques.57,58

Another technique involving multilayer interlayers in which a transient liquid phase is

formed only near the interface, and the homogenization occurs within the interlayer has been

termed partial transient liquid phase (PTLP) bonding.59 Using titanium/nickel/titanium

interlayers to join silicon nitride, this technique produced bonds that retained their strength at

temperatures higher than the bonding temperature. The titanium “cladding” layer diffused into the

nickel to cause local concentrations of titanium that fell below the liquidus line in the

nickel/titanium phase diagram, which prevented melting of the interlayers at temperatures higher

than the bonding temperature. PTLP bonding is a good candidate for bonding in other systems

provided that there is adequate wetting between the liquid layer and the ceramic, and that an

excessively thick brittle intermetallic phase does not form. The PTLP bonding technique has been

used with copper/platinum, copper/nickel, and copper/nickel-chromium metal interlayers to form

strong bonds with alumina60,61 as well as with copper/gold/nickel, titanium/copper, and
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titanium/copper/palladium interlayers to form strong bonds with silicon nitride.62,63 Post-bonding

anneals in air and argon of alumina assemblies joined by PTLP bonding generally seemed to

decrease the strength, but for copper/platinum interlayers the strength increased after a post-

bonding anneal in air because of reaction layer formation.

Another bonding technique exploits reactive metal penetration (RMP), which relies on

chemical reactions between silicates and molten aluminum.64-66 RMP converts a monolithic ceramic

preform into a ceramic/metal composite but can also be used as a bonding technique. Molten

aluminum simultaneously reacts and penetrates a dense aluminosilicate, like mullite, leaving behind

a metal/ceramic composite.

2.7 Prior Work on the Copper/Niobium System

In contrast to the copper/platinum and copper/nickel interlayers, which exhibit complete

mutual solubility at elevated temperature, the copper/niobium system behaves as a simple eutectic

system with the eutectic composition at approximately 2 at % niobium and a maximum solubility

of approximately 1 at % niobium in copper at 1080°C.67 The phase diagram is shown in Figure

2.2. Due to the low solubility of copper in niobium and sluggish solid-state interdiffusion, the

copper films do not disappear during bonding.

Solid-state bonding of single crystalline copper foils to sapphire with a thin film of

niobium (<200�nm) deposited on the sapphire has been performed at 900°C in UHV conditions

for 2 h with an applied load of 8 MPa.68 Bond fracture energy was greatly improved as compared to

copper/alumina and niobium/alumina bonds because of the strong adhesion of niobium to

alumina combined with the large plastic deformation in the metal side of the ceramic/metal

interface during fracture. The processing temperature is also greatly reduced compared to

niobium/sapphire diffusion bonds produced in high vacuum.
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Alumina assemblies with copper/niobium-based interlayers have also been fabricated that

utilize the lower melting temperature of copper compared to niobium and take advantage of the

liquid state. Shalz et al. found that copper/niobium/copper interlayers could be used to fabricate

strong alumina joints (processed at 1150°C,     

† 

0.2 ¥10-5< p(O2 ) < 2 ¥10-5torr , 6 h, 5.1 MPa

applied load) with strengths ranging between 119 and 255�MPa and with an average of 181 MPa.5

A significant number of failures occurred in the ceramic suggesting that the bond was stronger than

the ceramic material.

The microstructure of these interlayer/alumina interfaces contained continuous and

discrete second phase precipitates that resulted from a reaction between copper, alumina, and

additional oxygen that was either dissolved in the copper or the niobium (this differs from the

microstructure that developed in assemblies processed in a lower     

† 

p(O2 )  environment7-9,69 and is to

be discussed later). The continuous precipitate was usually found at niobium grain boundaries and

fracture often occurred through these precipitates. The morphology of the precipitate phase

resulted from the redistribution of the liquid copper cladding layer as capillary forces pull the

niobium and alumina into direct contact as discussed previously. Previous wetting studies70,71

suggest that for the oxygen levels in this study, equation (2.3) would certainly be met. Because of

the low rate of incorporation of copper into niobium the copper is available for reaction for

extended periods of time, and copper retains a high activity as a copper-rich liquid stays in

equilibrium with the niobium at the processing temperature, thus making the reaction between

copper and alumina probable. The reaction between the copper, alumina, and oxygen would then

proceed until all of the copper has been consumed and the small amount of niobium present in the

liquid has precipitated onto the niobium foil or ceramic, leaving regions with no detectable

amounts of copper on either side of the interface. A strong correlation exists between the fracture
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strength and degree of precipitate development at the interface. In general, areas of interface with

extensive precipitate coverage had higher strengths and a greater tendency toward ceramic pullout.

A study by Marks et al.9,72 assessed the effects of processing conditions on the fracture

strength of alumina bonded with copper/niobium/copper interlayers. These samples were

prepared using a range of bonding pressure (2.2, 2.9, 6.8–8.2 MPa), temperature (1150°C and

1400°C), and     

† 

p(O2 )(the graphite hot press in Marks’ study had a much lower    

† 

p(O2 )  than the

molybdenum hot press used by Shalz et al.5).

The mechanism of niobium/alumina contact formation was studied using transparent

sapphire substrates. Niobium deformation contributed to some of the contact. However,

micrographs suggested that initial contact occurred primarily along niobium grain boundaries.

Above the melting point of copper, niobium grain boundaries were “etched” by liquid copper.

Concurrently flanking grain boundary groove ridges developed, which grew in height and made

contact with the sapphire (a three dimensional schematic of this is shown in Marks et al., pg.

56177). The contact zone grew, ultimately localizing the liquid layer atop individual niobium grains.

Capillary instabilities occurred along the edges of the liquid film and formed “cylindrical” ligaments

of copper-rich liquid. These ligaments subsequently underwent Rayleigh instabilities and formed

isolated copper droplets at the interface in a process that resembles crack healing and thin-film

breakup. Other studies have suggested that interface asperities can also play a large role in the

formation of niobium/alumina contact.7

In samples with films that have undergone extensive dewetting, the majority of the

interlayer/sapphire interface is dominated by niobium/sapphire contact. High-temperature

fracture studies showed that the copper/niobium interlayers can retain a significant fraction of

their room temperature strength to temperatures as high as 900°C.9 Above this temperature the

strength decreased, however, and a majority of failures occurred in the ceramic. The decrease in
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strength could then be attributed to degradation of the alumina properties at high temperatures

rather than the properties of the metal interlayers. When a smaller-grained, higher-purity alumina

was used, the bond retained roughly 42% of its strength above 1200°C (above the melting

temperature of copper), and in some cases, test specimens plastically deformed to the limit of the

testing jig without fracturing.7

The effect of copper film thickness and alumina surface finish have been studied as well.8,73

The copper film provides a high transport rate path for dissolved niobium and fills interfacial voids.

Increasing the copper film thickness from 0 µm to 1.4 µm to 3.0 µm on polished alumina surfaces

led to progressive improvements in average strength and Weibull modulus, which then decreased

when the film thickness was increased further to 5.5 µm. For film thicknesses of 3.0 and 5.5 µm the

copper suppresses the formation of a brittle niobium silicide phase, a prominent feature of fracture

surfaces in diffusion-bonded samples and samples processed with a 1.4 µm thick copper film.73

The fracture and fatigue behavior of alumina bonded with copper/niobium/copper

interlayers was studied by Kruzic et al.69 Under monotonic loading at ambient temperatures

fracture largely occurred in a brittle manner with a mean fracture toughness of 39   

† 

J/m 2 ; the

fracture toughness decreased at elevated temperatures. The failures are associated with

niobium/alumina interfacial separation and small regions of interfacial copper deformation in a

ductile manner. Quantitative EDS identified the same niobium silicide phase seen in an earlier

study8 as Nb5Si3. Comparison of the fracture and fatigue properties of liquid-film assisted bonded

joints to bulk alumina proved that as long as flaw sizes are in a reasonable regime for brittle

materials (<1 mm), the joint did not have a detrimental effect on the crack growth resistance

properties of the ceramic structure.



-20-

2.8 Surface Structures in Single Crystal Sapphire

The development of the microstructure in the copper/niobium/alumina system is largely

dependent on the duration that the liquid film stays in a particular region. Wetting, grain boundary

grooving, and local film thickness variations have already been mentioned as factors that affect the

breakup of the liquid film. Another consideration is changes in surface structure that occur to

lower the total surface energy. As the surface planes reorient themselves, the shape of a crystal will

change. Kinetic and equilibrium considerations are both important when determining the shape

that a crystalline structure will ultimately take. The equilibrium considerations that minimize the

surface free energy of a small crystal were outlined by Wulff,74 and further described by Herring.75

The circumstances are described under which an initially flat surface would rearrange its atoms

into a more thermodynamically stable hill-and-valley structure. Mullins described the origination

of these hill-and-valley structures as the nucleation and growth of individual facets.76 Facet

nucleation and growth was experimentally seen by Heffelfinger et al. for c(0001) plane and

m  

† 

101 0( )  plane sapphire substrates.76-79 The m-plane substrates developed a hill-and-valley surface

morphology while the c-plane substrates developed a terrace-and-step surface morphology. The

steps in c-plane substrates seemed to nucleate with heights equal to c/6 (c=1.3 nm, the unit cell

height) and then coalesce to heights of c and larger. These studies indicated that the time required

for facet nucleation seemed to depend inversely on the angle separating the original unfaceted

surface and the stable (simple) surface that would develop at the surface. The mechanism for facet

coarsening whereby facet domains meet and coalesce to produce larger facets is also described in

these studies. Further studies on the evolution of lithographically induced pores in sapphire80,81

demonstrated that the m-plane was not stable and disappeared during pore-shape equilibration.

Interpretation of the shape change kinetics as surface diffusion controlled yielded widely varied and

time-dependent values of surface diffusivity, and thus, surface-attachment-limited kinetics or
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nucleation-limited kinetics seemed to play an important role in the morphological evolution of the

pores.

Other methods that do not use lithography have been developed that probe the

equilibrium shapes and orientation dependent surface energies of crystalline metals using scanning

tunneling microscopy (STM). These methods have been used to study nickel and gold.82 One such

study with gold found that extra or “magic” facets occurred at 3.7° and 11.7° from Au{111}<112>

and at 8.0° from Au{100}<110>.83 These nonequilibrium facets are believed to be a result of surface

reconstruction. The Au atoms at the surface rearrange themselves into a more stable configuration

that does not conform to the normal fcc unit cell. The nonequilibrium facets are thus a result of the

different crystal structure at the surface stabilizing crystallographic planes not normally in the

Wulff shape.

Surface structure, chemistry and cooling rate can all affect the morphology of a solidified

liquid drop on a ceramic substrate.84 The orientation-dependent surface structure of sapphire

(terrace-and-step or hill-and-valley) can cause different pinning behavior around the periphery of a

drop and thus lead to drop morphologies that deviate from circular cross-sections. Slow cooling

rates gives ample time for equilibrium conditions to be met at triple junctions and liquid spreading

can occur along one type of facet on a reconstructed surface (analogous to secondary wetting).

Liquid morphologies will prove to play an important role in the formation of niobium/alumina

contact when liquid copper is present.

2.9 Grain Boundary Grooving

The kinetics of grain boundary grooving have been developed for grooves that develop by

evaporation-condensation, volume diffusion, and surface diffusion, and the linear dimensions of the

groove are proportional to     

† 

t1/ 2 ,     

† 

t1/3 , and     

† 

t1/ 4  respectively.85-87 One characteristic of grooves

developed by diffusion is that they have a clear maximum in the groove height profile close to the
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boundary compared to grooves developed by evaporation-condensation, which have a maximum

height far from the grain boundary. The similarity in the groove profiles for surface and volume

diffusion makes it quite difficult to distinguish between the two diffusion-controlled mechanisms.

Experimental studies are consistent with the theory and show that surface diffusion is the

dominant mass transport mechanism for groove development in copper.88 Experiments that

measured grain boundary grooving rates of alumina substrates under sessile drops of various metals

(Ni, Cu, Au, and Al) exhibited larger groove widths in regions of substrate in contact with the

liquid compared to regions in contact with the vapor. This indicated that transport rates near the

metal/ceramic interface were two to four orders of magnitude faster than on the pure alumina

surface.89 The results showed that groove growth under liquid Ni, Cu, and Au was controlled

largely by volume diffusion through the liquid metal with a small interface diffusion contribution.

The same metal/ceramic systems have also been used to study the effect of triple junction

grooving and ridging on wetting behavior. Ridging arises to balance the force in the vertical

direction, a consideration neglected in Young’s equation.27,28 Ridging can affect the spreading

kinetics of the liquid drop and cause pinning. Another study that utilized liquid copper drops on

alumina found that at 0.5  

† 

Tm  of alumina (roughly the same temperature as the temperatures used

in the grain boundary grooving studies), surface diffusion was rapid enough for shape changes to

occur on the alumina surface, which affected the spreading behavior of the liquid drop.90 The

morphologic changes were dependent on the orientation of the substrate and the presence of

impurities.

A model for the effects of surface energy anisotropy on grain boundary grooving has been

developed that assumes surface diffusion as the dominant mass transport mechanism.91 This model

assumes that the grain boundary is always perpendicular to the original surface and does not move

during annealing, thus neglecting interfacial energy anisotropy that might arise from different grain
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boundary plane orientations. A stability diagram was developed in this study that outlines the

stability regions for different types of grain boundary grooves in grain boundary energy–surface

energy anisotropy space. For the grooving of a polycrystalline material this type of map could prove

to be quite useful in determining the types of grain boundaries that are present. The energetic

selection criteria for different thermal groove morphologies developed with the model agreed with

experimentally measured grain boundary grooves (using AFM) in a nickel-rich nickel-aluminum

alloy.

2.10 Rayleigh Instabilities and Capillarity-Induced Morphological Changes

When the chemical potential of an atomic species varies nonlinearly over a surface, there is

a driving force for atoms to move, thus adjusting the shape of that surface. These shape changes,

referred to as capillarity-induced shape changes, can be important in the microstructural

development of a liquid at a bimaterial interface. When a thin film dewets the interface, the film

breaks up into cylindrical ligaments, which can then experience capillarity-induced instabilities and

decompose further into discrete particles. The kinetics that govern capillarity-induced

morphological changes for simple shapes were outlined by Mullins as surface- and volume-

diffusion-controlled mechanisms.92,93

At elevated temperatures polycrystalline materials generally experience grain growth

whereby the large grains grow at the expense of the small grains. The atoms in the smaller grains

have a higher chemical potential due to the higher curvature of the grain surface, and thus these

atoms will migrate to the larger grain to lower their chemical potential. The kinetics that describe

orientation and impurity effects on the grain boundary mobility and grain growth of alumina have

been studied.94,95

Microfabrication techniques made experiments possible that study the breakup of

cylindrical pore channels. The breakup of microlithographically processed pore channels in
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sapphire and silicon carbide have been studied extensively.10,96-102 The effects of crystallographic

orientation, surface energy anisotropy, perturbation amplitude and wavelength, impurity content,

and temperature on the breakup of the pore channels were all areas of interest in the various

studies. The transition from diffusion-controlled evolution kinetics to surface-attachment and

nucleation-limited kinetics has proven to cause difficulties when using these studies to extract

diffusivity information.

To a much lesser extent the effects of capillarity on the morphology of a thin film have also

been studied. Vilenkin et al. have described and modeled the kinetics that lead to the grain growth

and the eventual break up of a small grained polycrystalline thin film on a rigid substrate.103 An

extension of Mullins work has been performed by Génin.104 It included the effects of thin film

stresses and capillary forces on thermal grooving to build an accurate description of the surface

morphological evolution of a polycrystalline thin film.
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(a)

(b)

Figure 2.1: (a) Illustration of equilibrium at a triple-junction in a solid-liquid-vapor system and
(b) illustration of condition for liquid spreading   

† 

q1 +q2 < p .
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(a)

(b)
Figure 2.2: (a) Phase diagram for the copper–niobium system and (b) the copper-rich region
shown at higher magnification.
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3. Experimental Procedures

3.1 Polycrystalline Alumina

Polycrystalline alumina blocks (Coors AD995, Coors Technical Ceramics Co., Golden,

CO)     >     98% dense, of dimensions 19.5 mm 

† 

¥  19.5 mm 

† 

¥  22.5 mm, and 99.5% purity were first

glued to a magnetic steel plate using a thermal resin (Buehler, Lake Bluff, IL). Then, the blocks

were ground with a diamond wheel on a surface grinder (K.O. Lee Co., Aberdeen, SD) to obtain

flat surfaces. The surface of largest area on the blocks was always ground. The surfaces were

polished using successively finer diamond suspensions (South Bay Technologies, San Clemente,

CA) including 9 µm and 6 µm grit on a cast iron plate and 3 µm and 1 µm grit on respective solder

plates using a Logitech (Logitech, Scotland) mechanical polisher. After a 1 µm diamond

suspension, a colloidal silica suspension (Struers, West Lake, OH) on a polyethylene plate was

used for the final polishing step. The blocks were then ultrasonically cleaned in various solutions

(soap plus distilled waster, distilled water, acetone, and isopropyl alcohol) for 15 min each. The

blocks were dried under a hot air gun. The final cleaning step consisted of an air anneal (C M

elevator furnace, Bloomfield, NJ) in an alumina crucible at 1000°C for 1 h to burn off any

residual organics that could be present.

3.2 Sapphire

Single crystal sapphire (Meller Optics Inc., Providence, RI) of dimension 2” 

† 

¥  2” 

† 

¥

0.001” of various orientations (c-plane or m-plane) with a miscut of ± 1° and an optical finish on

both sides was cleaned using the same procedures as the polycrystalline alumina. The sapphire was

not ground or polished because the finish provided by the supplier was sufficient. Prior to cleaning,

the sapphire was cut with a diamond blade on a low-speed saw (Buehler, Lake Bluff, Il) to

dimensions that depended on the desired applied load during processing. Mechanical strength data
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for metal/sapphire interfaces were obtained from bonded samples produced using sapphire

cylinders 1” in diameter and 1” tall (Insaco Inc., Quakertown, PA). The cleaning procedures for

the sapphire plugs were equivalent to those of the sapphire plates described previously, however,

the final anneal was performed at 1600°C for 20 h in air to heal potential strength-limiting

microscopic cracks in the material.

3.3 Copper Evaporation

Samples that were to be coated with copper were loaded onto a rotating table in a bell-jar-

type physical vapor deposition system (Mikros Inc., Portland OR). Copper wire (Consolidated

Companies Wire and Associated, Chicago, IL) was cut into pieces approximately 0.5 cm and 1.5

cm long. The longer pieces were bent into a U-shape because previous experiments have shown

that this is the most efficient way to load the copper into the system. The amount of copper used

depended on the desired thickness of the copper layer. It has been shown previously that 1.0 g of

copper deposits approximately 3 µm of copper on the surface with an approximate linear

relationship between the mass of copper evaporated and the thickness of the copper layer

deposited. The copper was ultrasonically cleaned in isopropyl alcohol for 15 min. The copper was

then rinsed in distilled water, dipped in a solution 5 parts by volume nitric acid: 1 part by volume

distilled water for 10 sec to remove surface oxides, rinsed in distilled water, and then left to soak in

isopropyl alcohol. The copper pieces were dried with a hot air gun, and then placed into tungsten

baskets inside the chamber. A chamber pressure of   

† 

2 ¥10-6 torr was obtained using a diffusion

pump with a roughing mechanical pump before evaporation commenced. Voltage was applied to

the tungsten baskets until the copper was completely evaporated from the baskets. A glass slide

with a 25 mm diameter cover slip on top of it placed inside the chamber during evaporation served

as a means for measuring the thickness of the copper coating by profilometry alpha-step

measurements (Tencor Instruments, Inc., San Jose, CA). The glass slide and cover slip were
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cleaned prior to being placed in the chamber by ultrasonic cleaning in isopropyl alcohol and drying

with a hot air gun.

3.4 Niobium Foil

Niobium foil, 125 µm thick and 99.99% pure (Goodfellow Corp., Malvern, PA) was cut

to the same dimensions as the surface with which it would bond using scissors. It was successively

ultrasonically cleaned in soap plus distilled water, distilled water, isopropyl alcohol, and ethanol for

15 min. The niobium was finally dried with a hot air gun. The niobium was not flattened because

early work showed that the flattening procedures resulted in a much rougher surface.8

3.5 Photolithography

It was desired for some of the sapphire samples to have surface features that resembled

cracks, grain boundaries, or reservoirs of locally increased copper film thickness. Photolithography

was an efficient and clean way of introducing surface features into the sapphire while minimizing

the amount of damage and dislocations produced. All of the photolithographic processes were

performed in a Class 100 clean room (Microfabrication Laboratory, EECS Department at UC

Berkeley).

The first step in the photolithographic process was cleaning the samples in the clean room.

Sapphire plates and/or plugs were ultrasonically cleaned for 15 min in a 5:1:1 by volume

H2O:NH4OH:H2O2 solution (known as SC1) and in a second solution 6:1:1 by volume

H2O:HCl:H2O2 (known as SC2) for 15 min. The sapphire was rinsed in distilled water, blown dry

with a nitrogen gun, and baked in air at 150°C for 20 min.

Sapphire was then spin-coated with positive photoresist (Shipley 1818, Shipley Co., Inc.,

Sunnyvale, CA) for 30 sec at a spin rate between 4000-5500 rpm, giving a resist thickness of

approximately 1.6 µm. Sapphire with photoresist on the surface was baked at 90°C for 20 min, and
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then the sapphire surface was selectively exposed to uv light in a projection printer (Canon, San

Jose, CA) using various masks.

Masks were designed on a computer using various software and transferred onto a glass

plate with a pattern generator (Pattern Generator, GCA Corporation, Bedford MA). Mask

patterns included channels bounded by sinusoidal waves, rectangular channels, and rectangular

holes. It was possible to create a grid-like pattern by exposing the rectangular channel mask once,

rotating the sample 90°, and then exposing the same pattern a second time. After exposing the

photoresist with the projection printer, the samples were soaked in developing fluid (Shipley

Microdeposit Developer, Shipley Co., Inc., Sunnyvale, CA) for 30 sec, which dissolved the

exposed photoresist and left a pattern on the sapphire surface identical to that on the mask, but

reduced in size by a factor of 4. The sapphire was rinsed in distilled water, blown dry with a

nitrogen gun, and baked in air at 120°C for 20 min.

Ion-beam etching transferred the pattern from the photoresist to the surface of the

sapphire. An ion mill (Veeco Microtech System, Veeco Instruments Inc., New York, NJ) using a

perpendicular incidence argon ion beam etched the surfaces. The thickness of the photoresist

together with the etch rate of the photoresist under the given conditions produced surface features

approximately 0.5 µm deep. Prior to bonding sapphire that was lithographically processed was

cleaned, using the procedures previously described.

3.6 Bonding

The substrates were removed from the deposition chamber and loaded into a graphite

element hot press with the niobium sandwiched between them. Graphite dies with Graphoil®

(UCAR Carbon Company Inc., Cleveland, OH) pieces between each piece were stacked below and

above the sample in such a way that the metal interlayer of the sample sat in the center of the hot

zone of the heating elements. Thin pieces of boron nitride (Advanced Ceramics Corp.,
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Cleveland, OH) were placed between the sample and the dies so that they did not react with each

other. A desired load was applied to the sample using a hydraulic pump and the graphite die

apparatus. The hot press was pumped down to a pressure below   

† 

8 ¥ 10-5
 torr and then a voltage

was applied to the elements to heat the chamber. The temperature was increased at 4°C/min to the

processing temperature of either 1400°C or 1150°C, held for 6 h, and then cooled at 2°C/min to

room temperature. Occasionally, while heating, the pressure inside the chamber would increase to

>       

† 

8 ¥ 10-5 torr. When this occurred the temperature was held until a pressure <  

† 

8 ¥ 10-5  torr was

reached. Usually the program was held for 30 min at approximately 400°C and again for 30 min at

approximately 800°C. If the program was above 1000°C, holding the temperature program was

avoided because the temperature was very near the melting temperature of copper, 1085°C. It was

desired to have liquid copper for the same amount of time in all of the experiments.

3.7 Mechanical Testing

The as-processed samples were removed from the hot press and machined into regular

beams 3�mm 

† 

¥  3 mm 

† 

¥  3 cm. The rectangular samples were first cut into 3 mm thick plates using

a diamond blade (National Diamond Lab Inc., Los Angeles, CA) on a K.O. Lee surface grinder.

The plates were ground flat, and striation marks left on the plate surfaces by the surface grinder

were removed by polishing with 15�µm diamond paste on a large piece of glass. The plates were

polished on vibratory polishers (Syntron FMC Corporation, Homer City, PA). A nylon cloth

with adhesive backing was placed on the Syntron surface, the flat plates were loaded into weighted

polishing jigs that rest on the nylon cloth and slowly circle the perimeter of the cloth as a result of

the vibratory action of the Syntron. Successively smaller grit diamond pastes: 15 µm, 6 µm, 3 µm,

and 1 µm (South Bay Technologies. San Clemente, CA) were applied to the nylon surface along

with lapping oil (Buehler Inc, Lake Bluff, IL) to achieve a smooth surface with a minimal amount

of defects. A high-speed saw (Struers, West Lake, OH) with a diamond blade cut the plates into
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beams of the desired dimensions. The edges of the beams adjacent to the polished surface were

beveled on a 6 µm diamond wheel to minimize sharp edges and defects that could decrease the

beam strength. By grinding the corners of the beams it was possible to label them with a scheme

that was permanent and would not come off during cleaning, and that differentiated their location

relative to the bulk sample during processing. Prior to testing, the beams were ultrasonically

cleaned for 15 min in the following: soap plus tap water, distilled water, acetone, isopropyl alcohol,

and denatured HPLC grade ethanol (Aldrich Chemical Company Inc., Milwaukee, WI). The

beams were blown dry with a hot air gun and then mechanically tested.

Room-temperature strength tests were performed with an Instron mechanical tester

(Instron, Canton, MA). A four-point bend testing jig with an inner span of 9 mm and an outer

span of 25 mm was utilized. A displacement controlled flat-crosshead was lowered until it just

contacted a steel sphere that rested on top of the jig. The crosshead was then lowered at a rate of

0.05 mm/min until the beam fractured. The load was measured with a 100 kG load cell and sent to

a strip chart recorder that plotted the load versus the displacement. The mode of fracture was

recorded and the strength was calculated using the load at failure and accurate measurements of

each beam’s cross sectional area made with a micrometer.

3.8 Microstructural Evolution

Many of the experiments with sapphire windows were performed to monitor the

morphology of the copper layer during processing. Therefore, the time the sample was at the

processing temperature is always indicated with the corresponding micrograph. The time these

samples were processed may vary from the time previously mentioned in the bonding section

because it was desired to see the morphology of the copper at intermediate times. A marker was

usually placed on the surface of the sapphire either by using a microhardness indenter (Mark V

Laboratory, East Granby, CT) or by scratching with a diamond scribe so that the same location
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on the sample could be found after each anneal. The samples were annealed at the processing

temperature in a vacuum furnace (Centorr Inc., Suncook, NH) at pressures typically lower than

  

† 

5 ¥ 10-5  torr. The furnace had tungsten mesh elements and molybdenum shields. The

temperature was increased at 10°C/min and held at the processing temperature for variable

amounts of time; the samples were cooled at 30°C/min. Often, once at temperature, the pressure in

the furnace reached values below   

† 

7 ¥ 10-6  torr. After each anneal, numerous micrographs of the

specified locations of the samples were taken at various magnification and recorded on digital

media.

3.9 Bicrystal Fabrication

One sample was fabricated that had two single crystals misoriented by a tilt angle, making

it possible to study the grooving of a single asymmetric tilt boundary. An asymmetric tilt boundary

was used because of its relative ease of fabrication in an attempt to see if the expected grooving

result would occur for alumina in contact with liquid copper and a niobium foil. A schematic that

illustrates the fabrication steps for the bicrystal sample is shown in figure 3.2.

First a piece of c-plane sapphire was cut randomly into two pieces on a slow-speed saw.

These two pieces would eventually act as the seed crystals. The edges that resulted from the cut

were polished on a nylon cloth using successively smaller-grit diamond pastes (15 µm, 6 µm, and

1�µm). The two seed crystals were ultrasonically cleaned in soap plus distilled water, distilled water,

acetone, and isopropanol for 

† 

≥15 min. The seeds were rotated relative to their original orientation,

and then diffusion bonded to a polished piece of undoped polycrystalline alumina fabricated by

Robert Marks105 in the graphite hot press at 1300°C for 5 h with an applied load of 10 MPa. The

diffusion-bonded assembly (seeds and polycrystalline material) was sandwiched between c-plane

sapphire windows for structural support. Prior to diffusion bonding, additional anneals in low

oxygen partial pressures were performed to grow the grain boundary into the polycrystalline
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material (1500°C for 24 h, 1600°C for 24 h, 1700°C for 24 h, 1700°C for 92 h, 1750°C for 92�h,

1800°C for 24 h, 1850°C for 74 h, and 1600°C for 4 h). Once the grain boundary had extended

sufficiently by growth of the seeds into the polycrystalline material, the sample edge was ground

using 15�µm diamond paste on glass to expose the grain boundary at the surface. Figure 3.3 shows

the grain boundary at various stages of growth. The grain boundary shown in (a) does not resemble

the grain boundary shown in (b), but a sufficient amount of material has been removed at the

surface from polishing between these two steps, which caused the difference. The bicrystal surface

was hand-polished using 15, 6, and 1�µm diamond paste on nylon cloth. Then the bicrystal was

bonded using metal interlayers with an applied load of 2.2 MPa at 1400°C for 6 h. The grain

boundary was in contact with the metal during bonding. Slices were taken at various times after

post-bonding anneals to study the grain boundary topography.

3.10 Grain Boundary Grooving

It was possible to measure the extent to which grain boundaries grooved when liquid

copper was in contact with them using simple wetting experiments. Small amounts of copper wire

were cleaned (following the same procedures described in the bonding section) and bent into a U

shape. The copper wire was placed on niobium and polycrystalline alumina substrates from the

same source as the material used in bicrystal fabrication. These samples were placed into an argon

environment furnace (Centorr Inc., Suncook, NH) and annealed for various times at 1400°C.

The copper was etched away in a 5:1 H2O:HNO3 by volume solution and then AFM was

performed on the region in contact with the liquid drop.

3.11 Atomic Force Microscopy

Surface topography measurements of various samples were performed using an atomic

force microscope (Park Instruments, Sunnyvale, CA). In some cases it was necessary to etch the

metal interlayer to allow the characterization of the ceramic surface only. The metal was etched in
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70% by volume HNO3 and 30% by volume HF. Typical etch times were 3-4 days to remove all of

the metal interlayer. Unannealed sapphire substrates were soaked in the etchant solution for the

same time, and the surface topography was unaffected by etching. Using the software package that

controls the AFM, images were made in contact mode of the surface topography. Both line profiles

and three-dimensional images obtained from the AFM data were used. AFM was done with a

typical gain value of about 0.15 and a frequency of 1 Hz or less.
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Figure 3.1: Illustration of (a) bonded assembly with sapphire as the substrate and (b)
polycrystalline alumina as the substrate. In (c) the sample from (b) has been machined into plates,
and in (d) these plates have been machined into beams, which can be tested using the 4-point bend
test method.
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(a)

(b)

Figure 3.2: Schematic showing (a) the seeding and growth of the bicrystal, and (b) the bonded
assembly.
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(a)

(b)
Figure 3.3: The bicrystal sample (a) before the grain boundary has grown extensively into the
polycrystalline material and (b) after the grain boundary has grown significantly and the remaining
polycrystalline material has been removed leaving the grain boundary exposed at the free surface.

20 µm
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4. Results and Discussion

Before discussing the details of microstructure development in the

copper/niobium/alumina system, a brief discussion of joint strength is used to show that this

system can produce strong and reliable bonds. These characteristics provided the motivation for

studying the microstructural evolution.

The strength of polycrystalline samples was found from the four-point bend technique.

For the geometry of the particular four-point bend tester used, the fracture stress is found from

(Appendix I):

    

† 

s f =
24gPf

bd2
(4.1)

    

† 

g = gravitational acceleration

Pf = load at failure

b = beam width

d = beam height

Usually, the mechanical reliability of samples is determined from fracture energy

measurements. The four-point bend stress is not a good substitute for fracture energy

measurements for the purpose of fracture prevention. The four-point bend stress, however,

provides a method of correlating the processing conditions of a bonded assembly to its strength.

The size and distribution of defects in a bonded assembly will be the critical factors that limit

strength. When failure occurs from a crack that has completely propagated in the ceramic,

improvements made at the ceramic/metal interface will not increase strength, and any attempts to

increase strength need focus on the processing of the ceramic material. Failure from a crack that has

completely propagated along the ceramic/metal interface suggests that improvements in strength
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could be made by using a different set of bonding/processing parameters with the intent of

reducing the severity and frequency of defects at the ceramic/metal interface. Four-point bend

strength measurements of the bonded assemblies give usable data to make connections between

flaw size, severity, and location (ceramic or interface) for assemblies processed differently. A more

severe or larger flaw will tend to cause the assembly to fail at a lower stress. Analysis of micrographs

of the fracture surfaces then allows further correlation between microstructure and strength.

Strength data combined with micrographs of fracture surfaces facilitate the determination of the

relationship between microstructure, processing, and properties, the crux problem for the materials

scientist.

4.1 Strength Data

4.1.1 Diffusion-Bonded Samples

Polycrystalline alumina blocks were solid-state diffusion bonded to a niobium foil at

1400°C for 6�h with an applied load of 2.2�MPa and were tested for mechanical strength (Figure

4.1). These samples were weaker than any samples that contained copper and all of them failed at

the ceramic/metal interface. These samples had an average strength of 94 MPa with a standard

deviation of 18 MPa and a Weibull modulus of 5.5, suggesting a significant amount of scatter in

the data. When diffusion-bonded plates were annealed at 1400°C for 12 h in vacuum with no

applied load, the strength decreased and became unmeasurable; beams failed during the machining

process. The flaws in diffusion-bonded beams must have become larger and/or more severe when

no load was applied at elevated temperature. Increasing the processing time for diffusion-bonded

samples does not significantly improve strength, and may even degrade the strength characteristics

of the bonded assemblies.

Data from studies8 using the same materials showed that the average roughness of the

polished alumina and the as-received niobium are 30 nm and 100 nm, respectively. It seemed
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plausible that by depositing a thin film (

† 

ª3�µm thick) of copper onto the alumina surfaces the

strength characteristics might be significantly improved. Both roughness values are less than the

copper film thickness (

† 

ª3µm), and thus it seems reasonable that the amount of liquid formed

could fill many interfacial gaps and reduce the area fraction and severity of unbonded regions along

the niobium/alumina interface. The combination of the dissolution of 

† 

ª3 at. % niobium in liquid

copper at 1400°C and the diffusion coefficient of niobium in liquid copper, which is expected to be

orders of magnitude higher than the self-diffusion coefficient for niobium, should enhance the rate

of niobium redistribution relative to that when no liquid is present. The filling of interfacial voids

by the liquid, transport of the niobium through the liquid to shrink and eliminate interfacial voids,

and dewetting of the liquid film all contribute to a higher area fraction of alumina-niobium contact

and a decrease in the quantity and severity of interfacial flaws, which could lead to higher strengths

compared to samples processed without a liquid.

4.1.2 Samples Processed With a Copper Film at 1150°C and 1400°C

Samples processed with a 3�µm thick film of copper deposited on the alumina surfaces

were also tested for mechanical strength. The effects of various processing conditions including

temperature and pressure on the strength of the alumina–copper/niobium interlayer interface were

desired. These results have been published previously.7,72 From the strength data shown in Figure

4.1 it appears that it is possible to produce interfaces at 1150°C with an applied load of 7 MPa that

match the strength of bonds produced at 1400°C with an applied load of 2.2 MPa. However,

samples processed with higher load at lower temperature had a lower average strength than those

bonded at lower load and higher temperature. Samples processed at 1400°C had a mean fracture

strength of 235 ± 15 MPa while samples processed at 1150°C had a mean fracture strength of 188

± 52 MPa. 71.4% of the beams processed at 1400°C failed in the ceramic compared to 33.3% that

failed in the ceramic for beams processed at 1150°C. This suggests that at the higher processing
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temperature inherent flaws in the ceramic were less severe than the interfacial flaws in the majority

of the beams. In most cases, strength was limited by the ceramic material of the assemblies

processed at 1400°C, and thus varying other processing conditions at 1400°C would probably not

increase the strength any further. Comparison with previous studies5,7,9 suggests that increasing the

applied load at lower processing temperatures can lead to increased strength, however, it seems that

the highest strengths are obtained by bonding at higher temperatures. The increased applied load

during processing can accelerate the breakup of the copper film, which leads to more

niobium/alumina contact and fewer large patches of copper at the interface. Since copper does not

adhere to alumina as well as niobium does, large patches of copper at the interface could lead to

decreased strengths. Evidence exists to suggest that increased copper thicknesses would decrease

the strength of bonded assemblies due to the decreased     

† 

Wad  of the copper/alumina interface

compared to the niobium/alumina interface and the increased amount of copper/alumina

interfacial contact.106 The breakup of the continuous liquid copper film into a dispersion of

particles at the interface is beneficial to the mechanical properties of the bonded assemblies because

the particles can plastically deform and increase the toughness of the ceramic/metal interface.

Mechanistically, the increased load causes the niobium foil to deform as it is placed in more

intimate contact with the alumina. More initial niobium/alumina contact leads to smaller and

more infrequent regions of liquid coverage at the ceramic/metal interface. The edges of the sample

also showed evidence that more liquid was extruded when the higher load was used; small droplets

(0.5–1 mm in size) of copper were visible around the edges of the sample (this has also been seen in

a previous study5). This decreased the amount of liquid copper at the interface. One droplet with a

radius of 0.5 mm could decrease the copper film thickness as much as 0.8�µm. The breakup of

liquid patches into discrete particles via Rayleigh instabilities is faster for patches that are initially

smaller.
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More thorough studies on the effect of copper thickness suggest that as film thickness is

increased the Weibull modulus increases, and that when a 

† 

ª3.0 µm thick copper film is used the

mean fracture strength and standard deviation of the interfacial failure data are essentially

indistinguishable from the ceramic failure data.8,73 Bonds processed at 1400°C with 5.5�µm thick

film of copper experienced almost no change in bend strength compared to samples with a 3�µm

thick film, but the Weibull modulus decreased from 15 to 6 when the copper film thickness was

increased from 3�µm to 5.5�µm.73 The increased scatter in the strengths of samples processed with a

thicker copper film indicates that perhaps the extent of breakup of the copper film varied greatly

from beam to beam and suggests significant irregularity in the film morphology and microstructure

of the samples with the thicker copper film.

Temperature and pressure play an important role in joint characteristics of assemblies that

are processed with a copper film. At a fixed bonding temperature of 1150°C, increasing the applied

load during vacuum bonding from 2.2�MPa to 5.1�MPa to 7�MPa increased the average strength in

four-point bend tests from 78 ± 22 MPa7,72 to 181 ± 45 MPa5 to 188 ± 52�MPa7,72. Failures

primarily occurred along the alumina-niobium interface. At a fixed bonding pressure of 2.2�MPa,

increasing the bonding temperature from 1150°C to 1400°C increased the four-point bend strength

from 78 ± 22�MPa to 235 ± 15�MPa,7,72 and approximately 75% of the samples failed in the

ceramic. Ceramic failures were also observed in high-temperature fracture tests up to 1100°C for

samples processed at 1400°C, which suggests that a strong interface with potential for use at

elevated temperature is formed.7,72 Increasing the bonding pressure does lead to increased strengths,

but does not fully duplicate the increased strengths that occur when samples are processed at a

higher temperature. This suggests that pressure and temperature increases lead to fundamentally

different paths of interfacial microstructure development, one possibly dictated by deformation and

creep and the other by diffusional processes.
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4.1.3 Single Crystal Samples

Sapphire wafers and cylindrical sapphire plugs spanning a range of surface

finish/roughness were produced and bonded using copper/niobium/copper interlayers in an effort

to examine and characterize the effects of surface roughness on ultimate joint properties. The effect

of surface roughness on the strength and failure characteristics of polycrystalline samples is

discussed elsewhere.73

Two samples were roughened using UV lithography to introduce controlled roughness

without damaging the sapphire. A series of trenches that were 10 µm wide, separated by 20 µm,

that covered the surface in two orthogonal directions were etched onto the surface of the sapphire

samples. These samples failed to survive all of the fabrication steps of specimens prepared for

mechanical strength testing. In one case, it was desired to introduce lithographic cavities in

sapphire plugs, but the lithographic tools and equipment could not accommodate samples thicker

than 1 mm, which are too thin to test on the four-point bend tester. Attempts to modify the mask

aligner to accommodate larger samples were not effective. In the other case, a thin lithographically

processed sample was successfully diffusion bonded to polycrystalline alumina to make the sample

large enough to span the outer span of the jig on the four-point bend tester, but all of these samples

failed at the sapphire/polycrystalline alumina diffusion bonded interface during machining of test

specimens, yielding no useful information about the lithographically processed sapphire/niobium

interface.

One sample that did yield mechanical test specimens was a sample of sapphire cylinders

with bonding surfaces roughened on the surface grinder and then processed at 1400°C with

2.3–3�µm of copper present on the sapphire surface and an applied load of 2.2�MPa. The strength

of these samples is compared with samples with polished sapphire surfaces (Figure 4.2).72 Of the

roughened samples that survived to mechanical testing, the average strength was 166�MPa with a
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standard deviation of 22�MPa compared to polished surfaces which had a mean strength of

130�MPa with a standard deviation of 21�MPa. Some of the roughened samples displayed stable

crack growth behavior during mechanical testing. In these samples the load-displacement curves

had many peaks and valleys, due to loading of the crack and then slight extension of the crack tip,

causing unloading to occur. Half of the samples failed by stable crack growth, and half of the

samples failed in a normal catastrophic failure mode. The samples that failed catastrophically

seemed to follow the same strength trend as samples with polished surfaces and were unaffected by

the roughened surface. It seems that the surface grinder introduced significant damage into the

surface of the ceramic, and in some cases caused the samples to be cracked at the interface before a

load was ever applied. After the beams failed, the ends on either side of the interface hit the surface

of the testing jig, but usually there was not enough force to cause any further damage to the

samples. One sample that failed along the interface shattered into many pieces when it hit the

surface of the testing jig, probably as a result of surface damage and crack branching that might

have occurred during testing. Microscopic cracks at the interface, as a result of roughening,

provided area of no metal/ceramic contact and a low resistance crack path that caused these

samples to fail by very slow stable crack growth at low fracture strengths.

4.2 Fractography

An attempt to correlate strength characteristics to microstructure was made by analysis of

micrographs of fracture surfaces fabricated using various processing parameters.

4.2.1 Samples containing Copper

Fracture surfaces from bonds processed at 1400°C with an applied load of 2.2 MPa have

been discussed previously,5,7-9 and a typical micrograph is shown in figure 4.3. Matching regions

of the fracture surface for the metal and the ceramic side are shown such that points equidistant

from the line marked “Mirror Plane” were adjacent to each other and at the interface in the bonded
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assembly. In the micrograph, regions where the ceramic grains have imprinted themselves onto the

metal surface are thought to be regions of intimate contact between the metal and the ceramic.

Other regions where the metal surface has a featureless area corresponding to an area containing

grain boundaries on the ceramic side are thought to be unbonded regions at the interface. The

remaining regions of the fracture surface include torn copper particles that can be matched with

their mirror image on opposite sides of the interface and regions of ceramic pullout. Ceramic

pullout and tearing of copper particles indicate regions of contact and relatively strong adhesion at

the interface.

Fracture surfaces from samples processed at 1150°C with an applied load of 7 MPa are

shown in figure 4.4 and figure 4.5. Figure 4.4 is a typical fracture surface for samples that

failed at relatively high strength. Features similar to those in the sample processed at 1400°C can be

seen such as ceramic pullout and copper tearing. Upon inspection there do not appear to be

unbonded regions similar to those seen in the sample processed at 1400°C. There is a relatively

large region of ceramic pullout, which indicates that although failure occurred at the interface, flaws

in the ceramic played a role in limiting the strength of the assembly and providing a crack path of

least resistance. There is also a significant decrease in the amount of copper tearing and “balling-up”

that occurs in samples processed at 1150°C compared to samples processed at 1400°C. It has been

shown previously that the interfacial fracture energy of thin-film interconnect structures can

increase 1500% due to plastic dissipation when copper film thickness is increased from 0.3�µm to

16.4�µm.107 A similar effect could be occurring as the copper morphology changes to more of a

“ball” like structure at 1400°C, which experiences more plastic work during fracture than the film

or “pancake” morphology seen at 1150°C and increases the interfacial fracture toughness. Increased

solubility of niobium in liquid copper at 1400°C could aid the copper/alumina adhesion by

producing a fine dispersion of niobium precipitates at the metal/alumina interface (like those seen
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in figure 4.25 (b)). The copper could then adhere to the niobium precipitates, and the niobium

precipitates adhere well to the alumina surface, which could lead to increased fracture strengths.

Figure 4.5 shows a sample that failed at a relatively low load. The metal side of the fracture

surface is almost completely covered in copper. The low strength of this sample can probably be

attributed to a low area fraction of niobium/alumina contact as previous studies suggest the trend

for lower strengths to occur in samples with increasing amounts of copper/alumina contact.7,9,106

There are isolated regions where it appears that copper has dewetted the niobium surface. In some

of these cases the ceramic side of the fracture surface in this region is missing a grain or has a hole

in it. It is likely that the copper cannot be seen in these regions because pullout occurred and

alumina grains are still adhered to the metal surface, but this only occurred in 3.5% of the fracture

surface area shown in Figure 4.5.

4.2.2 Single Crystal C-Plane Cylindrical Samples

It was not possible to image the bonded interface of the single crystal cylindrical samples

because the focal length of the optical microscope cannot accommodate samples that are 1” thick.

There is also much greater difficulty in determining bonded and unbonded regions of the fracture

surfaces in the cylindrical sapphire samples because there are no alumina grain boundaries to locate

on opposite sides of the fracture surface. However, it is possible to match torn copper particles on

both sides of the interface. Figure�4.6 shows a typical example of a fracture surface in a sample

that failed catastrophically. Large featureless unbonded regions similar to those seen in the

polycrystalline sample processed at 1400°C can be seen. It seems that the unbonded region on the

metal side of the fracture surface corresponds to a region of the sapphire that has increased

roughness. The smoother region seems to look the same on both sides of the fracture surface. Non-

uniformity in the roughness of the sapphire surface and local irregularities in the sapphire surface

morphology combined with localized depressions in the surface of the niobium could have induced
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liquid flow. Some regions at the interface would thus be depleted of liquid while others would have

an excess of liquid. Substantial rearrangement of mass by solid-state diffusion mechanisms would

have to occur in regions that lacked liquid to initiate sapphire/niobium contact. These regions

could subsequently form strong bonds by solid-state diffusion-bonding mechanisms. However,

solid-state contact growth requires extended times at elevated temperatures, and it would seem that

it does not occur after 6 h at 1400°C. The absence of the liquid in rougher areas of the interface

caused large unbonded regions to be present after bonding, and therefore, low failure strengths.

Figure 4.6 (c) shows a region of fracture surface from a sample that failed at 48.2 MPa.

Instead of failing catastrophically as expected, the sample failed very slowly and the load-

displacement curve during fracture followed the loading and unloading cycle that occurs during

stable crack growth. This image shows two unbonded regions labeled a and b. In a, the unbonded

region closely resembles regions from other samples. In b the unbonded region has a slight yellow-

brown discoloration. If this unbonded region were to extend all the way to the edge of the sample

then it is possible that ink, water, and glue used during machining could have penetrated into this

unbonded region and caused this discoloration. This unbonded region could then act as an

interfacial crack that becomes more compliant as the sample is loaded, creating stable crack

growth–failure conditions and causing the sample to eventually fail at a very low load, which was

observed in half of the single-crystal samples that survived to mechanical testing.

Fracture surfaces from single-crystal cylindrical samples with polished surfaces72 were quite

different from the fracture surfaces shown from the roughened surface. The unbonded regions in

the samples with polished surfaces are much smaller and more uniformly distributed than the

unbonded regions in roughened samples. This could be a direct result of a longer wavelength

roughness (peak-to-peak width on the surface of the sapphire) that results from the roughening
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method. Polished surfaces might have a much smaller roughness amplitude and wavelength, which

produces more uniformly distributed unbonded regions that are smaller in size.

4.2.3 Samples not containing copper

Polycrystalline samples prepared without copper were comparable in strength to the

sapphire samples with copper. Samples without copper exhibited fracture behavior unlike any

other sample. In these samples the crack sometimes deviated into the niobium foil and caused it to

tear. This can be seen by regions of shiny metal appearing on the ceramic side of the fracture

surface. A region where the torn niobium foil can be seen on both sides of the fracture surface is

marked a in figure 4.7. Chemical analysis of these regions using EDS prove that niobium appears

on both sides of the fracture surface. Inspection of the EDS map suggests that the niobium is more

prone to tear in regions adjacent to the smaller sized grains in the alumina. An EDS scan of these

regions also shows that silicon is present in regions where the niobium has torn. It is likely that the

silicon present in the alumina could easily be transported from the glassy phase in the alumina to

the metal where the alumina grain boundary density is high because the grain boundaries act as a

high diffusivity path. A sufficiently low diffusivity of silicon in niobium would then cause a higher

concentration of silicon in regions of the ceramic/metal interface where the ceramic had a fine grain

structure. This increases the likelihood that the silicon could react with the niobium and form a

brittle phase that precipitates at regions having a high density of grain boundaries. Prior work has

identified the brittle phase as Nb5.Si3.
69

Fractography of the diffusion-bonded samples shows featureless unbonded regions (b in

figure�4.8(d)) as seen in polycrystalline samples, and areas of faceted boundaries between

unbonded and bonded regions (a in figure 4.8(d)) as previously seen by Reimanis.35 These faceted

features are also evident when sapphire is diffusion bonded to niobium as seen in figure 4.8(e).

Polycrystalline alumina/niobium interfaces are discussed in further detail in previous work.8 The
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featureless unbonded regions are regions that probably were not in contact with the alumina, and

the bonding front did not grow through these regions.

Another feature shown in figure 4.8(d) is the mottled black region labeled c. This feature

is not seen when niobium is diffusion-bonded to sapphire (figure 4.8 (e)). It is also not seen in

unannealed niobium foil or niobium foil that has been annealed in vacuum for 6 h at 1400°C, but it

is seen when niobium is diffusion-bonded to polycrystalline alumina (figure 4.7 (a) and figure

4.8(d) labeled c). The polycrystalline alumina contains small amounts of a glassy phase, which

could supply a liquid phase at 1400°C when copper is not present at the interface. It is believed that

the silicon in this glassy phase reacts with the niobium to form a brittle silicide that has been shown

to tear during fracture of the diffusion bonded samples.8,69 It is possible that the oxygen from the

glassy phase also reacts with niobium to leave an oxide that has the appearance of the mottled black

region on the niobium surface seen in figure 4.8(d) labeled c. Usually, regions of niobium tearing

that can be found on ceramic sides of diffusion-bonded fracture surfaces correspond to regions of

this oxide formation on the metal side of the fracture surface, which should be expected if this

chemical reaction is occurring.

Anneals at 1400°C in vacuum for 12 h with no applied load caused the strength of

diffusion-bonded samples to decrease to values so low that samples did not survive preparation of

mechanical test specimens. Results found by Reimanis35 show that the bonded area grew after

anneals at elevated temperatures, which seems to contradict the decrease in strength found in this

study. The alumina and niobium are both polycrystalline. It is possible that certain regions of

niobium/alumina contact had high interface energy compared to the sum of the alumina and

niobium free surface energies. In these regions bonding was not favored, and these regions grew at

elevated temperature. It seems unlikely that the alumina and niobium would have bonded in the

first place, however, if the interface energy was higher than the sum of the free surface energies.
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Another more likely possibility is that the extended anneals allowed for more silicon to segregate to

the interface. This produced a greater fraction of glassy phase and brittle silicide precipitates at the

interface. The greater abundance of brittle silicides at the interface could have caused the bonds to

exhibit the decreased strengths after annealing and fail during machining.

Comparatively, polycrystalline samples with copper present formed the strongest bonds.

Also, these samples had much less unbonded region compared to samples without copper.8

Samples processed at lower temperatures often had regions of large copper coverage, which has

been shown to correlate with lower average strengths in earlier studies.7 It seems that samples with

high strength all had significant breakup of the copper film into isolated droplets, a minimum

amount of area of unbonded region,8 and a large amount of niobium in contact with the alumina

such that mirror images of features on the alumina surface were visibly imprinted on the niobium

foil after fracture. Therefore, there is an interest in examining the factors that lead to film breakup

including: time, crystallography, and thermal grooving.

4.3 Microstructure Evolution in Model Samples

The breakup of the copper film in alumina bonded via copper/niobium/copper interlayers

has proven to be an important factor in the development of the interfacial microstructure, which

ultimately affects the strength of bonded assemblies. The transparency of sapphire substrates

allowed the possibility to follow and track the development of the interfacial microstructure at the

processing temperature with time. It has been shown that some crystallographic planes of sapphire

are unstable when in contact with vapor.77-81 Specifically, the c-plane is a stable plane and the m-

plane is an unstable plane. When c-plane sapphire is annealed in air, a terrace-and-step

morphology develops on the surface (the terraces are parallel to the c-plane), and when m-plane

sapphire is annealed in air, the instability causes a saw-tooth morphology to develop on the surface.

The fabrication of samples with different crystallographic planes allowed not only the



-52-

determination of how surface crystallography might affect the breakup of the film, but also the

determination of whether the instability still exists for sapphire in contact with copper/niobium,

and if the instability does exist, the determination of how surface topography might effect the

breakup of the copper film.

The problem of liquid redistribution at a bimaterial interface is complicated. When a

liquid is between two materials that it wets, it will spread. When a liquid is between two materials

that it does not wet it tends to form a somewhat spherical particle at the interface, effectively

minimizing the area of high-energy interface. When the liquid is between one material that it wets

and one material that it does not wet, as is the case for liquid copper between niobium and alumina,

the condition for liquid spreading, as discussed previously, is   

† 

q1 +q2 < p . In the

alumina/copper/niobium system the energy of the copper/niobium interface is considerably lower

than the energy of the copper/alumina interface. One would expect that liquid copper would be

pulled out of chasms, grain pullouts, and V-shaped cracks in alumina to reduce the area of high

energy interface. Capillary forces would cause the liquid to flow from larger interfacial gaps into

smaller ones. As the liquid flows out of an interfacial region it leaves behind a new gap, which could

act as a defect. During liquid redistribution there is a constant dynamic process of generation and

removal of interfacial defects. The local film thickness, local surface topography of both the

sapphire and the niobium, crystallography of niobium grains, and defect geometry are all going to

play competing roles in attracting the liquid from one interfacial region to another. Snapshots of

the interfacial microstructure at different stages in development show the competing effects of

these factors as the liquid is redistributed and migrates from one region to another at different

times.

The interfacial microstructure of samples processed at 1400°C has been shown in previous

work.9 After 6�h the breakup of the copper film was at very different stages of development at
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different locations in the sample and there was considerable microstructural variability. It was

desired to watch the breakup more closely and follow microstructure as it develops through the

different stages of film breakup. It seemed reasonable that using a lower processing temperature

(1150°C), much closer to the melting temperature of copper (1085°C), would decrease solubilities

and diffusivities, facilitating the careful tracking of the microstructural development.

4.3.1 C-plane samples

Previous work describes how the points of contact between the niobium and the sapphire

that initiate the breakup of the copper film are niobium grain boundaries and asperities in the

niobium foil.8,9 The interfacial microstructure and liquid breakup affects the defect structure, and

ultimately the strength of samples. Samples fabricated using transparent sapphire as the ceramic

substrate allowed nondestructive investigation of microstructural development at the

niobium/alumina interface. Images taken at the same location at various times during processing

allowed the mechanisms and processes by which the metal/ceramic interfacial microstructure

develops to be identified and characterized. Images of c-plane sapphire are shown in

Figures�4.9–4.12. These samples were processed at 1150°C just above the melting temperature of

copper (1085°C) in an attempt to document the breakup of the copper film. Also, lithographically

processed cavities (sinusoidally shaped) were introduced in the samples shown in Figures�4.11 and

4.12 to create localized regions of increased copper thickness. This further aided the ability to

obtain micrographs showing significant events in the breakup of the copper film. Figures 4.9 and

10 show interfacial microstructures after a 6 h bonding cycle with an applied load of 2.2 MPa, and

then additional anneals in vacuum (no applied load) such that the total time at 1150°C is 15 h, 22

h, 29 h, 36 h, and 43 h in a), b), c), d), and e) respectively. There is very little indication of

interfacial porosity, but in both cases the area fraction of niobium/alumina contact is low, 59% and

45% in Figures 4.9 (a) and 10 (a) respectively. The sequence shown in Figure 4.9 shows lines of
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niobium/sapphire contact that develop and persist, which indicates that niobium grain boundaries

play the major role in initiating film breakup, and copper remains trapped in the grain boundary

groove, thereby outlining the niobium grains.

The sequence in Figure 4.10 shows points of contact that develop with time, which

suggests that irregularities in the surface, probably asperities in the niobium foil also provide sites of

contact initiation. After a total of 43 h at 1150°C, the niobium/alumina contact area fraction has

increased to 77% and 75% in Figures 4.9 and 4.10 respectively. Although the general trend is for

alumina/niobium contact to grow with time it is not true that all regions of initial asperity contact

will grow. In some cases, a high-energy surface of the niobium could be exposed or the

crystallography of the niobium/alumina interface could have a very high energy at the asperity

surface. A driving force would thus transport mass to smooth the asperity causing it to disappear,

which does occur in the micrographs, but is far less noticeable than the asperities from which

contact expands. The differences in evolution patterns may reflect statistical differences in the

crystallography, roughness, and/or texture of the niobium foil. Surface roughness may increase the

number of contact points and accelerate the growth of niobium/alumina contact area, and grain

boundaries and other irregularities in the surface of polycrystalline alumina substrates may also

contribute to a higher degree of film breakup after bonding than is observed with sapphire.

Samples that have lithographically processed cavities facilitated the following of grain

boundary groove ridge growth. When a ridge intersected a cavity, contact between the groove ridge

and the sapphire initiated in the unetched region, and eventually the ridge grew through the etched

region to the sapphire surface. Asperities in the niobium will also initiate contact in unetched

regions. In Figure 4.11 an area of a lithographically processed sample is shown. In the 0.5 µm deep

cavity it is evident that a grain boundary of the niobium is grooving and rising to the sapphire

surface at the location marked a. A triple point associated with that particular grain boundary is
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first visible after 7 h and it continues to grow and groove more until it is filled with copper between

15 and 63 h. In the 63 h micrograph the shape of the grain boundary is still visible because the

copper at the surface has taken its shape in the width of the grain boundary groove. After 127 h the

liquid has drained from the grain boundary groove and the grain boundary groove is visible again.

Figure 4.12 shows a region of the sample that has asperities in the niobium foil initiating the

contact with the sapphire. In this sample it is also apparent that the asperities play a much more

important role than the grain boundaries. A grain boundary marked a is visible early on in the

development of the microstructure, but becomes overwhelmed by asperities in the niobium foil and

is no longer evident even after 7 h.

The disappearance and rearrangement of niobium grain boundaries will become a

recurring theme in many of the following micrographs. Previous studies have shown that rapid

grain growth of niobium can occur in the presence of liquid copper.5 In a bonding cycle of 6 h at

1150°C (conditions very similar to the present study), it was found that niobium grains grew from

an average size of 

† 

ª15 µm to an average size of 

† 

ª60 µm in the presence of liquid copper. In this

study, measurements showed that the niobium grains grew from an average size of 25 µm to 54 µm

when in contact with liquid copper at 1150°C. At 1400°C, the niobium grains grew to an average

size of 123 µm when no copper was present, and to an average size of 146�µm when liquid copper

was present. Grain growth at 1400°C probably experiences a much more rapid decay in kinetics

once the grain size approaches the foil thickness (125 µm) because grain boundary migration is

then limited to two dimensions.

The intimate contact of a niobium grain boundary groove ridge with the sapphire can

cause pinning of the grain boundary. In order for migration to occur, significant redistribution of

mass in both the niobium and the sapphire by solid-state diffusion mechanisms is required, which

is not very active at the processing temperatures used. The presence of the liquid can facilitate
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boundary migration because diffusion through the liquid is much faster than solid-state diffusion.

As the grain boundaries move, the crystallography of the niobium at the interface changes and the

liquid copper redistributes. The energetics and balance of surface energies at the triple-point could

cause the appearance and disappearance of grain boundaries at the surface. Liquid copper could get

trapped inside grooved regions and remain there, leading to the appearance of a persisting grain

boundary, in contrast to other regions where the grain boundary may seem to disappear altogether

when the boundary groove migrated.

The grain structure of the niobium below the visible surface can also affect the morphology

of the grain boundary groove ridges that are visible by affecting the direction that the grooves will

migrate. The delicate balance that occurs between the driving force to lower the chemical potential

by grain growth, and the minimization of interface and surface energies especially at grain

boundary grooves, leads to substantial interfacial morphological changes in the time scale presented

in this study. Regions of fine-grained niobium will experience rapid changes early on, and then the

kinetics of these changes will decay as minimization of surface energies become more important

than the reduction in chemical potential that occurs by grain growth. The disappearance of grain

boundaries is likely due to fine-grained regions of niobium experiencing rapid grain growth at short

anneal times, and causing the substantial changes in the interfacial microstructural morphology.

Using the grain size information previously mentioned it is possible to calculate the change

in grain size that would occur after 120 h for various rate law kinetics. For     

† 

t
1
n  kinetics:

    

† 

d t
n - d t=0

n = kt (4.2)

Where   

† 

d  is the average grain size of a material. If the grain growth of niobium follows     

† 

t
1
2  kinetics

then the average grain size would experience an increase of 160�µm in 120�h. This suggests major

migration of grain boundaries. For     

† 

t
1
3  and     

† 

t
1
4  kinetics, the average grain size would increase 90�µm

and 88�µm, respectively. These increases in grain size are sufficient to explain some of the
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differences in microstructure caused by niobium grain growth seen between 1�h and 120�h at the

processing temperature.

4.3.2 M-plane sapphire

M-plane sapphire has also been used as the substrate in similar time-evolution experiments

to study the effect of crystallography and stability because it has been shown that m-plane sapphire

is unstable when in contact with vapor. In figure 4.13 a typical interfacial region is shown. In this

region, it is asperities in the niobium foil that play an important role in the initial contact of the

niobium to the sapphire. The final microstructure of the interface shows that grain boundary

grooving is important to formation of niobium/sapphire contact. It seems that asperities play a

more important role in the early development of the microstructure, but at extended times the

grooving of the grain boundaries finalizes the regions of contact between the niobium and the

sapphire. Some regions that appear to have niobium/sapphire contact in figure 4.13 (a) seem to

be covered in copper in figure 4.13 (b).

One region of particular interest is enlarged and shown in Figure 4.13.1. At first glance, it

appears that this region might initially be a gap between the niobium and sapphire that eventually

fills with copper; niobium/sapphire contact appears to grow through this region at extended anneal

times. Closer inspection seems to indicate that a ridge has formed around the edge of this feature.

There are two possibilities that could explain ridge formation. One possibility is that the ridge

formed as a result of a triple-point force balance at the liquid copper/sapphire/vapor interface.

Previous work has shown that with liquid copper on sapphire ridges can develop after 0.75�h at

1100°C,90 so it seems likely that ridges could have formed after 1�h at 1150°C. As more

sapphire/niobium contact develops more liquid is liberated to fill these types of interfacial voids.

However, if this is the case, then the interfacial contact area analysis and modeling that is presented
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in a later section is subject to greater uncertainty (which could in part explain why fitting the data

was not entirely successful).

Another possible explanation for the formation of the ridge is that it developed as a result

of sapphire/niobium contact. An asperity on the niobium surface could have initially made contact

with the sapphire, then debonded, allowing liquid to flow into that region. During later stages of

annealing, a bonding front from elsewhere in the sample almost completely grows through this

region. Because the niobium/sapphire interfacial energy is relatively low it seems unlikely that a

bonded region would debond, but perhaps as grain growth occurred and the crystallography of the

niobium in contact with the sapphire changed, the interfacial energy increased causing debonding.

It seems unlikely that a niobium grain would grow at the surface if that particular

niobium/sapphire interface was unstable, but there is the possibility that the surface grain that

formed the initial contact was consumed by a subsurface niobium grain. Growth of another grain

that yields a stable niobium/sapphire interface was impeded by the ridge, which had to smooth

sufficiently before the stable niobium/sapphire interface could grow through this particular region.

Coarsening could also cause larger patches of sapphire/niobium contact to grow at the

expense of smaller ones as the larger patches have a lower potential along their perimeter, but there

are three regions of quite different size in figure 4.13, and they all seem to initially have contact

and then become debonded. These three regions are close enough together that it is possible that as

grain growth occurred they were all consumed by one grain beneath the niobium surface during

early stages of annealing, and became debonded as they were consumed. These features are seen

often enough in the micrographs that uneasiness ensues with this type of explanation because it

seems unlikely that there would be many instances of this particular type of grain growth.

Another possibility to explain the phenomena seen in Figure 4.13.1 relates to mechanical

debonding. A load was applied for the first hour of bonding, which probably aided in forming the
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initial contact between the sapphire and the niobium. However, during all subsequent anneals, no

load was applied, and thus, the relaxation of the interface may have contributed to the debonding

of a region of niobium/sapphire interface. There also may have been patches of liquid copper

trapped between regions of contact of sapphire and niobium, and upon heating and cooling the

thermal expansion mismatch of the copper with the niobium and the sapphire could have

additionally contributed a driving force for the debonding of small regions of sapphire/niobium

interface.

The region adjacent to the area marked b in figure 4.13 (e) has vertical lines resembling

the lines seen earlier in figure�4.11 (b). These lines are due to the faceting of the m-plane surface.

Both the facets of the c-plane and m-plane substrates will be discussed in more detail later.

A region of the m-plane sample containing a lithographically processed cavity (0.5 µm

deep) is shown in figure 4.14. Near the centerline of the cavity some niobium grain boundaries

are visible during the early anneals. These particular grain boundaries are not present in the final

microstructure. In the early stages of annealing, the liquid copper could have dewetted that

particular region of the interface because there may have been a gap from a depression in the

niobium foil in that region. With no niobium in the immediate vicinity, the liquid copper would

flow out of the gap in an attempt to reduce the surface area of high-energy liquid copper/sapphire

interface. The niobium surface microstructure then evolves into a state that lowers its energy when

it is in contact with the vapor; grain boundary grooves develop. The rainbow pattern present in this

region could be caused by the refraction of visible light as it travels through media of different

indexes of refraction (sapphire and vapor) and suggests that a gap exists between the sapphire and

the niobium. At some time between 15 and 32 h, the liquid copper migrated over these particular

grain boundaries in the niobium. As the contact area of sapphire/niobium interface increases, it

would seem that there is more “free” liquid to go around. Capillary forces could cause liquid to flow
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into the region that was not in contact with the liquid initially. The niobium grain boundaries

became more mobile in contact with the liquid because the diffusivity of niobium in liquid copper is

much higher than the solid-state diffusivities, facilitating movement of the grain boundary grooves.

The final microstructure of the interface has a different grain boundary in contact with the

sapphire surface and does not include the grain boundaries that were seen in contact with the vapor

at earlier anneal times. The striking change in grain structure that occurs at intermediate times

once the liquid was drawn into the region of void is probably due to the increased mobility of the

grain boundaries in the presence of liquid copper. Previous calculations showed that one would

expect the average grain size of the niobium to increase at least 88�µm based on     

† 

t
1
4  kinetics, which

seems reasonable based on the observed change in grain structure.

Another feature that appears as black spots labeled a  figure 4.14 (a) disappear

progressively at later anneal times. It is unclear what these features are, but they may be asperities

in the surface of the sapphire that resulted from ion milling. It is possible that the photoresist in

this region of the sample was almost completely etched away, which left small regions of sapphire

surface that were exposed to the ion beam during milling. This led to a roughening of the surface

and caused the black spots seen in the figure. Eventually the surface smoothed, which is evident

after 32 h at 1150°C. Ridges that resemble the ridge seen in figure 4.13.1 are visible in d and e of

figure 4.14 d). The ridge shown near e is very similar because the niobium/sapphire contact that

caused the formation of this ridge starts to debond after the applied load is removed from the

sample. The ridge near d formed from niobium/sapphire contact that initiated in the absence of an

applied load and could perhaps be explained using the grain growth arguments mentioned

previously in conjunction with figure 4.13.1.

Figure 4.15 shows another example of an early grain structure in the niobium that was not

present after extended time anneals and is completely different than the final grain structure seen in
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the micrographs. Although the micrographs did not capture a time when liquid copper was in

contact with the center region of this part of the sample, the difference in microstructure at various

times could be due to the increased ease of groove migration when liquid copper migrates over

boundaries and wets them some time between 15 and 31 h at 1150°C, when the most notable

change in microstructure occurred. If this region was never in contact with the liquid, the kinetics

of grain growth by solid-state diffusion mechanisms are still rapid enough to cause the observed

changes in microstructure. Assuming “slow” kinetics (    

† 

t
1
4 ), the niobium foil is predicted to

experience a change in the average grain size of 56�µm after 31�h at 1150°C. The grain structure

that is visible at the surface at early times in figure 4.15 appears to be smaller than the average

grain size and thus it is to be expected that these grains would change shape rapidly as grain growth

and grain boundary migration occurs. The rainbow pattern in the early stages of this region’s

microstructural development once again suggests a gap between the niobium and the sapphire that

disappears once the niobium grain boundary groove ridges contact the sapphire surface.

4.3.3 M-plane processed at 1400°C

Series of micrographs for m-plane samples processed at 1400°C show similar features to c-

plane samples processed at 1150°C. Figure 4.16 shows the evolution for a typical region of the

sample. In this particular sample a triple-point region in the niobium provides a point of initial

contact of the niobium/sapphire interface. There are regions that early on are covered in copper

and then appear to become unbonded regions when the liquid copper migrates leaving a rainbow-

like pattern (labeled b) at the interface (which occurs for reasons aforementioned). It is possible

that copper is still present on the niobium side of these voids, but it is difficult to see because the

void distorts the color and makes it difficult to tell. It is also possible that the liquid flowed out of

these voids through regions that had not made complete niobium/sapphire contact yet or along

niobium grain boundaries. After an anneal at 1700°C for 12 h there seems to be no copper left at
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the interface and all unbonded regions appear to have formed contact between the sapphire and

niobium. The solid-state diffusivities of niobium at 1700°C are probably high enough that these

voids could have closed after 12 h, and if liquid is present in the voids, it would only have the

beneficial effect of shortening the required anneal times.

Figure 4.17 shows another region of the m-plane sapphire that was processed at 1400°C.

Again a grain boundary groove of the niobium and asperities in the niobium foil appear to have

been important in the formation of initial niobium/sapphire contact. An important feature in this

set of micrographs is that after short anneal periods features that resemble facets (horizontal black

lines) appear. After more extended periods of annealing, these facets disappear. Between 1.75 h and

3.75 h the lines are completely gone even in regions where the copper is still in contact with the

sapphire. At extended times when all of the copper is gone there appears to be contact everywhere

between the niobium and the sapphire, and there is no evidence of any faceting on the surface. The

disappearance of facets could be a result of the niobium stabilizing the m-plane surface, or an effect

of a change in oxygen activity that occurs as oxygen diffuses out of the copper during annealing and

into the niobium or the furnace ambient. Once the niobium comes into contact with the sapphire,

mass transport becomes very difficult because solid-state diffusion must occur in both the niobium

and sapphire for the facets to grow. A spatially varying misorientation relationship between the

niobium grains and the sapphire further complicates things in contrast to the case when liquid

copper was present. Once regions of niobium/sapphire contact were formed perhaps it became

energetically favorable in terms of interfacial energies and kinetically faster for these regions to grow

at the expense of the facets. Mass transport occurred to move atoms from the facets to

niobium/sapphire bonding fronts, and the facets were sacrificed in order to form more regions of

niobium/sapphire contact Perhaps, at 1150°C for extended times (longer times than this study

shows) the niobium/sapphire contact of m-plane samples would grow and the facets would smooth
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as the samples processed at 1400°C did. Usually, little faceting occurred in regions of

niobium/sapphire contact, and facets were more commonly found in regions of extended liquid

copper contact. The difficulty of finding regions of faceting for AFM analysis both at 1150°C and

at 1400°C may be a result of the facets disappearing at extended anneal times, suggesting that

niobium does in fact stabilize the m-plane sapphire surface.

4.3.4 Interfacial Area Analysis

Micrographs have shown that the redistribution of the liquid plays an important role in

the development of the microstructure at the sapphire/niobium interface. As the liquid copper

breaks up into isolated particles, regions of copper/sapphire interface are generally replaced with

regions of sapphire/niobium contact. Investigation into the breakup of the copper film allows for

the determination of the kinetics that govern the formation of niobium/sapphire interface.

Fractography has shown that higher strengths result from samples that exhibit more complete

breakup of the copper film. An understanding of the time scale required for complete breakup to

occur would enable an optimization of processing conditions that produce strong bonds.

An attempt to analyze the kinetics of sapphire/niobium interface formation was made

using software to analyze the area fraction of copper coverage in micrographs similar to those

shown in figures 4.9–4.17. The breakup of the liquid copper film at the interface was analyzed

using a Macintosh computer and the public domain NIH ImageJ program (developed at the U.S.

National Institute of Health and available on the Internet at     http://rsb.info.nih.gov/nih-image/    ).

With this software package it was possible to take grayscale images of the interface and analyze the

% area fraction of copper at the interface at various times. Figure 4.18 shows a scatter plot of all

the data that have been analyzed from samples processed at 1150°C. No discernable difference

seemed to exist between c-plane samples and m-plane samples, thus they are included in the same

figure. The data is irregular and scattered. From the plots it seems that the copper film breaks up
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faster at short times when there is a higher area fraction of copper/sapphire contact present.

Assuming first order kinetics and that the rate of area copper film breakup is proportional to the

area fraction of copper/sapphire interface available, it is possible to perform a kinetic analysis of

film breakup. Defining A as the area fraction of copper/sapphire interface, t as time,   

† 

Ao  as the

equilibrium value of copper/sapphire interface (the solubility of copper in niobium at 1150°C

prevents the copper from completely disappearing), and k as the rate constant:

    

† 

-
dA

dt
= k(A - Ao ) (4.3)

which, after integration, becomes:
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(4.4)

The general curve fit option on the application Kaleidagraph was used to fit this model to

16 data sets at 1150°C and 2 data sets at 1400°C of % area fraction of copper/sapphire interface

versus time. The software solved for the parameters k and   

† 

Ao  when determining the equation for

the curve. It was not possible to fit every data set to this model. Mathematical singularities occurred

in 6 of the data sets as a result of the iterative process by which the software package calculates the

kinetic parameters. In these cases, the value of   

† 

Ao  approached the value of A, producing a

singularity in equation (4.4) and leading to unusable kinetic parameters. The data sets at 1150°C

for which the model produced useable kinetic parameters are shown in figure 4.19. The curves

from the model curve fit and the corresponding kinetic parameters are shown for the data set that

had the shortest time (the model lower bound) and the longest time for film breakup (the model

upper bound). For these data sets, values of k and   

† 

Ao  ranged between 0.020886–0.14842 and
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2.4778–7.7464 %, respectively, and an average value for k of .0788648 and an average value for   

† 

Ao

of 12.84856 describe the data from experiments conducted at 1150°C.

Figure 4.20 shows the data sets from samples processed at 1400°C. The values of k and

  

† 

Ao  ranged between 1.1703–1.46563 and 1.8988–2.1888, respectively. At 1400°C, it seems that the

model does not fit as well as for samples processed at 1150°C. It is not as meaningful to call these

curves the upper and lower bounds for data processed at 1400°C because there are only two data

sets.

Other models were explored because it was desired to model the copper-film breakup

without encountering mathematical singularities. Another model often used for phase

transformations utilizes the Johnson-Mehl-Avrami equation, which has the form:

    

† 

f = 1 - exp -ktn( ) (4.5)

where f is the volume fraction of transformed material, k is a kinetic parameter, t is time, and n is an

exponent typically between 1 and 4. In this case, regions of sapphire/copper contact transforming

into regions of sapphire/niobium contact is interpreted as the phase transformation and f is then

the area fraction of sapphire/niobium contact. The curves generated from fitting the data to this

model are shown in figure 4.19.1 and figure 4.20.1 for samples processed at 1150°C and 1400°C,

respectively. Samples processed at 1150°C had values of k and n that ranging from .045254–1.0102

and 0.253385–0.78828, respectively. An average of a majority of the data sets that had comparable

values of k and n, yielded values of k and n equal to 0.4062 and 0.417399, respectively. At 1400°C

values of k and n ranged from 1.3645–2.3082 and 0.47525–0.71082, respectively. The large

variation in n is cause for concern when using the Johnson-Mehl-Avrami equation because this

parameter has significance in the dimensionality of the transformation being modeled, and it largely

affects the shape of the model curve. The large variation in n for data at one temperature suggests
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that the mechanisms contributing to film breakup at different regions in the same sample could be

different.

In general, it is valid to assume that:

    

† 

J µ D ⋅ Cmax (4.6)

where J is a flux, D is a diffusion coefficient and     

† 

Cmax  is the solubility limit at the processing

temperature. In this case, the relevant diffusion coefficient and solubility limit refer to those

parameters for niobium in liquid copper. For the first-order kinetic models the ratio of diffusivities

can be found because   

† 

k µ J , in the Johnson-Mehl-Avrami equation, however, some algebraic

manipulation shows that     

† 

k
1
n µ J . Taking the relevant ratios from both models, and taking the

solubility limits from the phase diagram (3 at. % at 1400°C versus 0.81 at. % at 1150°C), it is

possible to calculate that the ratio of diffusivities (    

† 

D1400 D1150 ) is 6.51 for the Johnson-Mehl-

Avrami model and 4.51 for the model that assumes first-order kinetics. It is expected that the ratio

of the diffusion coefficients (    

† 

D1400 D1150 ) would be on the order of 1.33 based on viscosity data

for liquid copper and the assumption that     

† 

D µ1 viscosity . A large increase in the diffusivity is not

expected because the activation energy for diffusion in liquids is generally quite small compared to

activation energies for solid-state diffusion mechanisms. The discrepancy between the ratio of

diffusivities calculated from the models versus the value obtained from viscosity data could be due

to the effects of other diffusion mechanisms besides diffusion through the bulk liquid. An

interfacial diffusion mechanism could be active at these temperatures. Also, 1400°C is roughly half

the melting temperature of niobium, (2469°C) and at this temperature it would be expected that

other low-temperature diffusion mechanisms would be active (grain boundary diffusion and

dislocation pipe diffusion, for example) causing the marked difference in film breakup at 1400°C

versus 1150°C.
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Qualitatively, micrographs (figures 4.9–4.17) show that sapphire/niobium contact

initiates at grain boundary grooves or asperities in the foil. Grain boundary initiation depends on

grain boundary density, which is dependant on grain size. Different regions of the niobium foil

have different grain sizes, and the grain size changes fairly rapidly at the processing temperature. In

general, it is observed that the initial contact at grain boundary grooves leads to increases in contact

area by growing inward towards the center of the grain. The origins of surface asperities are not

known, and their density varies widely along the interfacial area of the sample. Contact from an

asperity generally grows radially outward from the asperity. Further breakup of the copper film

occurs via Rayleigh instabilities when “finger-like” liquid channels breakup into spherical particles.

To further complicate analysis of the processes, the liquid redistributes itself often, and depending

on local capillary forces can rapidly and completely drain from a specific interfacial region. A

complete model would have to take into account grain size and inward growth of contact from

boundary grooves, asperity density and outward radial growth rate, Rayleigh finger spacing and

channel breakup, and capillary forces that cause liquid flow to fully describe the film breakup

presented here. It is quite surprising that the simple models used are in a fairly close agreement and

are only a factor of 3–5 different from simple approximations using viscosity. Although these

models are not complete and/or sufficient in predicting the breakup of the copper film, they could

be useful in an industrial situation for back-of-the-envelope estimates.

4.3.5 Sapphire Interfacial Morphology

Previous investigators have found that certain crystallographic planes of sapphire are not

stable when in contact with air at elevated temperatures.77-81 Unstable planes then form facets to

expose stable planes at the surface. These facets can have topographies resembling a terrace-and-

step structure (as is the case for the c-plane) or a saw-tooth structure (as is the case for the m-

plane). This type of surface topography could lead to increased mechanical strengths of bonded
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assemblies by deflecting interfacial cracks in a torturous manner. One study found that when c-

plane sapphire is diffusion-bonded to niobium in high vacuum, facets can develop to accommodate

small deviations from the exact orientation of the interface.42 There is no mention of the

development of facets when m-plane sapphire is diffusion bonded to niobium in UHV.33,34 The

effect of copper on the interface topography of the sapphire/niobium interface has not been studied

previously.

After the series of optical micrographs were taken, showing the breakup of the copper film

and the interfacial microstructure for times extending to 127 h at 1150°C, sections of the samples

were taken and left to soak in an acid solution to dissolve the metal interlayers. Then, AFM was

performed on the samples to assess the morphology of the sapphire surface that had been in

contact with the metal interlayer. The entire surface of the sample did not facet, but particular

regions faceted into a terrace-and-step morphology in c-plane sapphire, and a hill-and-valley

morphology for m-plane sapphire. The AFM images are shown in Figure 4.21 and 4.22. The c-

plane sapphire steps are likely due to the miscut of the sapphire (±�1°) since the step spacing and

height are consistent with a miscut of 0.8° (within the tolerance limit specified by the

manufacturer). The m-plane hill-and-valley structure could be due to an instability of the m-plane

surface of sapphire when in contact with metal, which is similar to what is seen for m-plane in

contact with vapor.81 An attempt to index the facets comprising the hill-and-valley structure using

the measured interplanar angle measurements was attempted, but the results were inconclusive. It

seems that the facets seen here are not parallel to crystallographic planes that have been proven

stable in air or vacuum. Some step features in figure 4.22 suggest that step-bunching could be

occurring. Measurements in silicon have shown that step-bunching can occur on vicinal surfaces,

where bands of steps form the appearance of large unstable planes that are actually composed of

many small steps with faces parallel to stable planes.108 Tran discusses the stability of various
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crystallographic planes of sapphire when these planes are in contact with liquid metals; these planes

are not present in the Wulff shape when sapphire is in contact with vapor.109

The varying size of the hills and valleys in the AFM image of the m-plane sapphire

suggests that the facets are coalescing and coarsening, which is expected for these types of facets.77

Since this topography does not occur everywhere on the sapphire surface it seems that the niobium

contact greatly affects the formation and size of the facets. The optical micrographs of the

interfacial microstructures suggest that the facets form in regions that are in contact with the liquid

copper for extended periods of time. It is possible that the m-plane of sapphire is unstable when in

contact with liquid copper. Since the liquid copper can be displaced with ease, and the m-plane of

sapphire might be unstable at high-temperature, energetically it might be favorable for the sapphire

to form facets when in contact with pools of liquid copper. This would explain the observations.

No previous evidence exists to suggest that the m-plane sapphire/niobium interface is unstable.

The energetics of the polycrystalline niobium/m-plane sapphire interface is further complicated

because each niobium grain defines a different interface crystallography. The absence of a hill-and-

valley structure suggests that most niobium/m-plane combinations are stable. Optical micrographs

taken after anneals at 1700°C for 12 h do not show any evidence of facet formation (Figures 4.16

(e) and 4.17 (e)), and one would expect diffusion to be sufficiently active at 1700°C to produce

facets at an unstable interface. It would seem that the niobium/m-plane alumina interface is stable

at high temperatures, and in some cases, facets that may have formed in contact with liquid copper

may smooth as more regions of alumina/niobium contact develop.

Previous studies77-79 of sapphire samples annealed in air at 1400°C showed that the m-

plane surface formed facets after 2 h parallel to the   

† 

11 02( ) plane with heights equal to 6�nm.

Samples annealed for up to 8 h in air at 1400°C had facet heights as large as 15 nm. Facets in m-

plane samples processed at 1150°C with liquid copper present were not visible in optical
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micrographs until after 127 h and were approximately 80 nm in height. Only one data point was

obtained for the facet height in contact with copper/niobium interlayers after 127 h at 1150°C, so

it is not possible to fit the data to a growth model.

No accurate measurements of facet height were made for samples in contact with

copper/niobium interlayers at 1400°C. This data makes it impossible to fit data to a model to

predict facet height time dependence and compare the rates at two temperatures in terms of

relevant kinetic parameters. After 0.25 h at 1400°C facets were visible in regions in contact with

liquid copper (Figure 4.17). These facets were approximately parallel to one edge of the sapphire

substrate. The m-plane substrates are bounded by the c- and a-directions. Therefore, the facet axis

(line of intersection) is parallel to either the c- or a-direction. Previous studies for sapphire

substrates annealed in air found that the facet axis in facets on m-plane substrates ran parallel to

the a-direction.77-79 This suggests that the facets seen for sapphire annealed in air, and annealed in

contact with copper/niobium interlayers may align along the same crystallographic direction.

These facets (seen in figure 4.17) smoothed and were no longer visible after 3.75 h at 1400°C. No

evidence from previous work has suggested that the m-plane sapphire/niobium interface is

unstable, and it is possible that the facets that formed in contact with liquid copper after 0.25 h at

1400°C smoothed after 3.75 h at 1400°C to create larger regions of niobium/sapphire contact.

Features will not be visible in the optical microscope unless they are larger than the

resolution limit, which is on the order of 100 nm, and facets 80 nm in height were visible in samples

processed at 1150°C with copper/niobium interlayers. The visible facets after such a short anneal

time (0.25 h) at 1400°C suggest that the liquid copper increases the kinetics of facet formation for

m-plane samples at higher temperature. Typical step heights after 8 h in air at 1400°C for c-plane

samples were 2.6 and 3.9 nm.78 In c -plane samples processed at 1150°C in the presence of

copper/niobium interlayers, facets were visible after 7 h (Figure 4.11 and 4.12) in optical
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micrographs further supporting the view that the liquid may promote more rapid facet formation

at 1150°C than in air at 1400°C.89 After 127 h at 1150°C the facets in c-plane samples in contact

with copper/niobium interlayers had heights that were approximately 5–7 times as large as heights

observed after 8 h at 1400°C in air, which again supports the hypothesis that the presence of a

liquid can greatly enhance the kinetics of diffusion-controlled morphological transformations.

4.4 Wetting and Grain Boundary Grooving

Single-crystal sapphire substrates in contact with copper/niobium interlayers have revealed

the importance of thermal grooving in the polycrystalline niobium foil on the breakup of the

copper film, redistribution of the liquid, and the overall development of the interfacial

microstructure. The effects of using polycrystalline alumina substrates on the interfacial

microstructural development have yet to be discussed. It is desired to know how thermal grooving

in the alumina affects the interfacial microstructure, and also whether the presence of a liquid can

enhance kinetics in alumina as much as it can in niobium. First, an experiment that deals with the

thermal grooving of polycrystalline alumina in contact with copper/niobium interlayers will be

discussed, then thermal grooving of both niobium and alumina when in contact only with liquid

copper will be discussed. This attempts to fully understand the factors affecting interfacial

microstructural development in the alumina/copper/niobium system.

4.4.1 Bicrystal

In order to study one particular alumina grain boundary and how it grooved during

processing with the copper/niobium system a bicrystal sample was fabricated. Before thermally

etching the alumina grain boundary groove, the surface of the alumina was polished by hand on a

nylon cloth with successively smaller diamond grit pastes (15�µm, 6�µm, 1�µm, and 0.25�µm). This

polish should have produced a sufficiently smooth surface such that scratches would not be

misinterpreted as grain boundary grooves. The AFM results (Figure 4.23 – 4.25) show that the
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width of the grain boundary groove is increasing with time. The width of a grain boundary groove

is defined as the distance between the maximum heights of the humps (ridges) on either side of the

grain boundary groove. The width after 50 h at 1400°C is 4.47–8.05 µm (depending on where it is

measured in Figure 4.23), then the width increases to about 10.07 µm (average of height profile B

and C Figure 4.24) after an additional 100 h at 1400°C, and then the width increases to 45.3 µm

after an additional 20 h at 1700°C. This widening with extended anneal times is expected.87 Once

again a lack of data prevents the determination of a relevant kinetic parameter. It is not possible to

determine the time exponent in the kinetics of the grain boundary groove widening because there

are two data points at 1400°C and one at 1700°C, which is insufficient to compare to a model and

obtain a relevant kinetic parameter.

Due to rounding of the AFM probe tip89 it was necessary to change the AFM probe tip

often to ensure that the grain boundary groove was imaged accurately. Accurate images of the grain

boundary groove seem to show that the groove root rounded between 50 and 150�h at 1150°C. The

shape of the groove after 20�h at 1700°C was drastically different than it was after the lower

temperature anneals. It has a very large dihedral angle, and it did not have the expected shape of a

grain boundary groove. The groove was very wide and bounded by straight rather than curved

surfaces, and in at least two of the height profiles the root looks quite rounded. This does not

resemble the shape of a grain boundary groove predicted by Mullins.87 As copper atoms diffuse

down the alumina grain boundary, area of alumina/vapor and/or alumina/niobium interface can be

left behind, which would have a lower interfacial energy than the copper/alumina interface, and

could lead to a larger dihedral angle. As the liquid copper redistributes itself and the microstructure

of the interface develops, the materials in contact with each other change, thus changing the

interfacial energies that must equilibrate. The large differences in the topography of the grain



-73-

boundary groove at different times and temperatures are in part due to the equilibration of

different interfacial energies.

Based on the sapphire experiments it is expected that after 50�h at 1400°C a large fraction

of the interface should be sapphire/niobium. It is not expected that the dihedral angle should

change much at such extended anneal times as a result of changing interfacial energies because the

sapphire/niobium interface seems to be relatively stable, and 50�h should be enough time to form

large regions of sapphire/niobium interface. Once sapphire/niobium interface is formed, that

interface should persist. When the liquid copper is no longer present, the alumina grain boundary

could take much longer to equilibrate since 1400°C is a fairly low temperature compared to the

melting temperature of alumina (

† 

ª2046°C but dependent on purity). The morphological changes

that occur to the grain boundary groove might result from grain boundary migration. It is expected

that the undulating grain boundary formed in this bicrystal sample would experience migration as

atoms migrate to regions of the boundary with lower chemical potential (smaller radius of

curvature). After 50 and 150 h at 1400°C the shape of the grain boundary groove has what appears

to be humps on either side of the grain boundary, which suggests that a diffusion mechanism is

controlling the kinetics.89 The humps are not clear and easy to find after the 50�h anneal. Instead of

one clear hump, saddle points exist on the surface on either side of the grain boundary. This could

be a result of grain boundary migration, which requires the nucleation of a second groove. The

image shown after 50�h at 1400°C may show the groove after it has migrated quite a bit, and the

saddle points are a result of the deterioration of the original location of the groove. These saddle

points obscured the groove maxima, and caused of the factor of 1.6–1.7 variation in the grain

boundary groove width measurements made in the height profiles in figure 4.23.

Another important factor that could have caused the appearance of saddle points on the

alumina surface is grain boundary grooves in the niobium. If the region shown in figure 4.23
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happened to be a region of alumina grain boundary that crossed a niobium grain boundary, a grain

boundary groove in the niobium could have caused features that appear to be saddle points on the

surface of the alumina. An example of a niobium grain boundary that left visible features on the

surface of the alumina is shown in figure 4.26 (c).

It is not possible to say if after 150 h at 1400°C the grain boundary groove reached

equilibrium, but it certainly does not have a uniform profile along its length, which is expected for

an equilibrated grain boundary groove. The additional 100�h at 1400°C should have been sufficient

time for active diffusion mechanisms to cause some morphological changes to occur between 50�h

and 150�h. The profile of the groove after 150�h at 1400°C has a morphology that is more

reminiscent of the grooves that Mullins described with clear maxima on either side of the boundary

groove in at least one of the height profiles. The root rounding that occurred and the apparent

shallowing could be a result of the low sapphire/niobium interface energy causing a large dihedral

angle and rounding the root tip to maximize the sapphire/niobium contact area.

The large difference in the grain boundary groove shape at 1400°C versus that at 1700°C

could be a result of a change in the limiting mechanism of groove shape change kinetics. In the early

stages of annealing the liquid copper enhances the ability of the alumina grain boundary to

equilibrate via diffusion. At 1700°C, alumina should be much more soluble in niobium than it is at

1400°C. The grooving kinetics of the alumina grain boundary could be controlled by the

dissolution of alumina in niobium rather than surface or volume diffusion, which might explain the

large difference in groove shape. The absence of humps on either side of the boundary, and the

much more linear profile on the sides of the grain boundary groove might indicate a

dissolution/precipitation-controlling mechanism rather than a diffusion-controlling mechanism.

The straight edges on the sides of the boundary also might be facets that have formed on the
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surface of the alumina. It is unclear which crystallographic planes the facets lie parallel to because

the angular measurements suggest that these surfaces are 2.7–3.8° from the c-plane.110

Regions of the bicrystal surface away from the grain boundary after the 50�h anneal at

1400°C are shown in figure 4.26. The surface of the alumina is not flat in regions away from the

grain boundary and does not facet in ways that might be expected on the basis of figure 4.21. The

AFM images seem to suggest that the surface of the niobium and the surface of the sapphire

conform to one another and make contact even in regions with surface defects to maximize the

niobium/sapphire interfacial contact area. Pores that exist at the surface of the alumina as a result

of processing could coarsen to form large surface holes or pits (figure 4.26 (a)). Some of the

surface defects in the AFM images seem too big to occur as a result of polishing with 0.25�µm

diamond grit paste. This would seem to support the presumption that coarsening occurred. The

surface of the niobium has a strong effect on the topography of the alumina surface. Large

protrusions resembling mountains on the surface of the alumina could also form as a result of holes

or pits in the niobium (figure 4.26 (b)) as the alumina could dissolve in the niobium and then

precipitate inside the pit.

Niobium grain boundaries can also largely affect the surface topology of the alumina.

Figure 4.26 (c) and (d) show a region of the alumina surface that was in contact with a niobium

grain boundary and shows that it has left a large print on the surface of the alumina. This type of

behavior has been observed in prior studies,111 and is possible because of the dissolution reaction of

niobium in alumina. The line profiles do not seem to suggest the existence of a ridge in this

particular boundary groove. The development of this groove was dependant on mass transport of

alumina towards the groove root and niobium away from the groove root. Similarly, the

development of a groove in alumina is dependant on mass transport of niobium towards the groove

root and alumina away from the groove root. It would seem likely that the kinetics of these groove
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morphologies at some temperature should be similar since they are both dependant on the

transport of the same atomic species. The niobium grain boundary groove is very roughly the same

size as the alumina grain boundary groove after 50�h at 1400°C (5.27�µm wide and 0.550�µm deep

compared to 4.47–8.05�µm wide and 

† 

ª0.3–0.4�µm deep in the alumina), which is to be expected

since both grooves are limited by the same mechanisms (diffusion and the dissolution reaction).

The flat portion at the top of the protrusion caused by the niobium grain boundary shown in

figure 4.26 (c) could be a result of AFM tip rounding.89 Careful investigation of the AFM image

suggests that the AFM tip broke halfway through the image scan. There seems to be a clear feature

where the tip could have broken off resulting in the flatter parts of the scan in the grain boundary

groove tip.

This method of fabricating bicrystals is not ideal for systematic studies of interfacial

energies in the copper/niobium/alumina system because of the anisotropy present. It was possible

to obtain data showing the grooving of this particular boundary, but for a systematic study of this

type, fabrication of symmetric tilt boundaries (described in PhD thesis by Robert Marks105) would

be preferred. Also, single crystal niobium foil would help eliminate the variability of the

alumina/niobium interfacial energy, and niobium grain boundary grooves would not interfere with

the surface topography of the alumina. Alternatively, a course grained niobium foil (d~1�mm)

would allow for the opportunity to study mass transport and grooving kinetics at a number of

crystallographically different niobium/sapphire interfaces in one bicrystal sample. This study seems

to at best show a proof of concept that this method could be used for the systematic study of

interfacial energies and interfacial transport in the copper/niobium/alumina system (and perhaps

in other systems as well), which could significantly broaden the current knowledge of

metal/ceramic interfaces.
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4.4.2 Liquid Copper on Niobium

A wetting experiment was performed in an attempt to better understand the wetting

behavior of liquid copper on niobium. A short piece of copper wire was placed on a niobium foil

substrate, and annealed at 1400°C for 6 hours. This was an attempt to see how the copper and

niobium behave during the bonding cycle when alumina is not present. Figure 4.27 (a) shows a

micrograph of the as-received niobium foil, and (b) shows a schematic of the niobium foil after

annealing with the solidified drop on the surface. The expected result of a copper-colored drop

(with a spherical cap shape) was not found, but the drop was closer in color to the niobium foil. In

order to locate the copper, the sample was mounted in an epoxy resin and cut in cross-section near

the drop center. Then a micrograph of a cross section of the drop was taken, as shown in figure

4.27 (c). Approximately 3 at % of niobium dissolves in the liquid copper at 1400°C. Upon cooling,

the solubility of niobium in liquid copper decreases, and the drop surface is enriched with niobium

precipitates. De Lima et al. reported that the surface enrichment of niobium precipitates is due to

their density,71 but data from Crawley112 and Armstrong et al.113 suggests that at all temperatures

above the melting temperature of copper solid niobium is actually more dense than copper. These

precipitates could have heterogeneously nucleated at the drop surface. A calculation of Stoke’s

velocity for particles between 5�µm and 40�µm in diameter (measured values of size) yields values

that range between 0.02�m/s and 0.002�m/s. It would take the particles between 2�min and 20�min

to settle from the surface of the drop to the solid-liquid interface if they had a constant size and

were perfect spheres. At a cooling rate of 30°C/min, the liquid drop completely solidified in

approximately 11 min, and the precipitates probably coarsened during cooling as the solubility of

niobium in copper decreased, which suggests that the larger particles might not have grown to a

relatively large size until near the end of the solidification process. It seems reasonable that the

settling velocity of these particles was slow enough during cooling that they did not have time to
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settle to the solid-liquid interface and they were frozen in nonequilibrium positions at the drop

surface. Figure 4.27 (c) shows that the precipitates are concentrated near the drop surface with

some just below the drop surface, but the center of the drop does not contain any precipitates. At

lower temperatures, the eutectic liquid solidifies and additional niobium-rich particles are

produced. The micrograph supports this hypothesis because there are niobium-colored precipitates

near the surface of the drop. A surface enrichment of niobium particles has been seen by previous

investigators.71,114 When the copper was liquid, it is possible that the niobium particles formed a

three-dimensional interconnected network on the drop surface. The thermal contraction that

occurred when the copper solidified probably caused this film to collapse and produce the uneven

surface seen at the perimeter of the drop. After complete solidification, the copper-rich nature of

the drop was probably not evident because the niobium-rich precipitates were covering the surface

of the drop.

After a nitric acid rinse to dissolve the copper, micrographs were taken of different regions

of the niobium foil that had different colorations. The region under the drop is shown in figure

4.27 (d). In this region the niobium grain boundaries have thermally grooved in the presence of the

liquid copper (they are not the result of the nitric acid etch because the whole sample was in

contact with nitric acid, but niobium grain boundary grooves are not visible everywhere in the

sample). The surfaces of the grains also appear shiny and smooth. These grain boundary grooves at

the metal/liquid interface are much wider than grain boundary grooves at the metal/vapor

interface, which are not visible. This suggests that grooving is much faster at the niobium/liquid

copper interface than it is at the niobium/vapor interface. Grain size measurements showed that

the grains under the drop had an average size of 160�µm, and regions away from the drop had an

average size of 105�µm, which suggests that grain growth was more rapid under the liquid drop

than it was for region in contact with vapor. In figure 4.27 (e) a region near the center of the
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niobium foil is shown. In this region, the niobium surface is shiny and smooth, but there are

asperities on, and holes in, the surface. EDS analysis showed that this region is not chemically

different from the bulk niobium foil. It is believed that the liquid drop spent some time over this

area of the niobium foil, but because the foil was not flat, the drop migrated at temperature and did

not spend extended time periods in this region. There might have been enough time for some

surface smoothing to occur, but not time for niobium grain boundaries to groove.

A region of the foil that had a different texture after etching and was slightly darker in

color was found near the edge of the niobium foil and is shown in figure 4.27 (f). In this region

there are features that closely resemble the features marked c in figure 4.8 (d). It seems that this is

the appearance of the niobium foil that is not in contact with liquid copper at all after annealing for

6 h at 1400°C. Chemical analysis using EDS showed that there was no significant difference in

oxygen levels in regions similar to those in figure 4.27 (e) compared to regions similar to figure

4.27 (f). There was no significant difference in chemistry at different regions in this sample to draw

any conclusions about chemical species causing the differences in surface appearance. The mottled

black regions could just be regions of the niobium foil that did not contact the liquid and never

smoothed. Grain size measurements showed no difference in grain size between regions like those

in figure 4.27 (e) and (f). One other possibility is that small droplets of liquid copper could have

migrated to the edges of the niobium foil. Ridges could have formed around these small droplets.

Then, these small droplets might evaporate and leave behind small pits at the niobium surface.

This could cause a very rough niobium surface that appears as a mottled black region in the

micrographs. It is uncertain why the micrographs show features very similar to those seen in

diffusion-bonded fracture surfaces.

One interesting feature that was found near the perimeter of the drop after etching in

nitric acid was that there were still remnants of copper. Interestingly enough, the remaining copper
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seemed to take on the morphology of nanowires. An SEM micrograph showing the copper

nanowires is shown in figure 4.26 (g). These nanowires are not relevant to anything. Micrographs

taken near the triple-point of this interface did not yield the information that was desired.

Normally, a useful contact angle could be found, but because the shape of the drop is so irregular it

was not possible to obtain the measurement from this sample. Other investigators have shown that

the contact angle of copper on niobium is ª67° at 1090°C and decreases to less than 2° at

1500°C.71,114 It is unclear what caused the nonequilibrium morphology of this drop. It is possible

that gravitational effects combined with the large size of this particular drop caused the contact

angle to deviate from the equilibrium value. Clearly, this sample did not yield the expected or

desired results.

4.4.3 Liquid Copper on Coors AD995 Alumina

The topography of sapphire in contact with copper and niobium has been discussed.

Previous investigators have discussed the wetting behavior and surface topography of sapphire in

contact with liquid copper.84,90 It was desired to see the effect of liquid copper on the topography of

the alumina material used to prepare joints made with copper/niobium/copper interlayers. The

effect the liquid copper has on the topography of the surface of the Coors alumina was investigated

by depositing a copper film (2.87 µm thick) on a Coors alumina substrate. The sample was then

annealed for 0.5 hr at 1100°C.

The micrographs show that the copper morphology varies greatly on the surface of the

alumina substrate (figure 4.28 (a) and (b)). In some regions the copper film has developed into

isolated particles (a), but in other regions the copper film is almost continuous except for some

regions of dewetting and has developed a visible grain structure during cooling and solidification

(b). It seems as though all of the regions where dewetting occurred have small surface defects or
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pits in them (some of them are shown and enlarged in figure 4.28 (e)–(g)). It is possible that

these defects acted as dewetting initiation sites.

No other experiments have shown the copper film to have a grain structure. The regions of

large copper coverage in sapphire experiments (figures 4.9–4.17) do not show a copper grain

structure and fracture surfaces with regions of large copper coverage from polycrystalline alumina

samples (figures 4.3–4.6) do not show a copper grain structure. Polycrystalline samples show

that the alumina grain structure is visible in the copper film, but not a copper grain structure

(figure 4.5 (a)). Because the grain structure of the copper film seems very similar to the grain

structure characteristic of the alumina used, see figure 4.28 (c), it seemed possible that the grain

structure was a result of alumina grains being etched by the liquid and then patches of copper

solidifying in a way that revealed the underlying alumina grain structure. Regions similar to those

shown in figure 4.28 (b) were etched in nitric acid and then examined under the optical

microscope. Alumina grain boundaries were not visible in regions that were under large patches of

liquid copper film. This seems to suggest that the liquid copper did not etch the alumina grain

boundaries “enough” at 1100°C for 30 min to make them visible in an optical microscope and the

grain structure is from the copper solidification. This experiment also seems to suggest that the

kinetics for film break-up on a surface are very rapid, and that at temperatures very close to the

melting temperature (1100°C is ª15° above the melting temperature of copper) a significant

amount of dewetting can occur, which is perhaps not surprising since a factor of   

† 

103  increase in

diffusivity is expected when the temperature is raised above   

† 

Tm . The relative magnitude of the

driving force for this type dewetting to occur to minimize surface/interfacial energies is examined

in Appendix II.

Another anneal at 1400°C for 6 hr was performed to simulate the bonding cycle on the

copper/alumina system. The copper film was uniformly distributed as isolated droplets shown in
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figure 4.28 (c). The alumina grain structure is well defined and is shown in the micrograph.

Another micrograph shown in figure 4.28 (d) shows the alumina substrate after etching the

copper in nitric acid solution. A faint ring is left from the edge of the copper particles, but the

micrographs do not show a significant difference in the grain structure of the alumina in contact

with the liquid compared to that in contact with the vapor. It was desired to compare the widths of

grain boundary grooves in contact with liquid to ones in contact with vapor. It was not possible to

locate clear boundaries between alumina/liquid and alumina/vapor contact in the AFM because

the silicon AFM tips rounded and broke too quickly to ever measure a ridge (circles shown in

figure 4.28 (d) caused by the drop) on the surface. Groove widths ranged from 0.917�µm to

2.3�µm with an average of 1.83�µm, and there did not seem to be a correlation between the locations

of the wider grooves or the locations of the narrower grooves. Although it is expected that groove

widths should be larger in regions in contact with the liquid after short times (5 min at slightly

higher temperatures with 99.997% pure alumina),89 perhaps at 1400°C there is enough glassy phase

present in the grooves of this alumina (99.5% pure) that all grooves are essentially in contact with a

liquid, and thus experience the same enhancement kinetics.

4.4.4 Liquid Copper on Alumina Fabricated by Robert Marks

The thermal grooving of one particular grain boundary in a pure alumina was studied with

the bicrystal experiment. It was desired to determine the thermal grooving characteristics of the

bulk polycrystalline material used to fabricate this bicrystal experiment when in contact with liquid

copper at equivalent time and temperature conditions. Copper droplets were placed on the

undoped alumina fabricated by Robert Marks for anneal times and temperatures similar to those

used in the bicrystal experiment. One anneal for 50 h at 1400°C and one anneal of 150 h at 1400°C

were performed. Initially, the grain size of this alumina is so small that grooving is difficult to

study. Rapid grain growth occurs and the grain boundary grooves interact with one another too
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much to get an accurate image of the grain boundary grooves. An initial anneal of the alumina

substrate for 30 h at 1600°C sufficiently enlarged the grains so that it was possible to study the

grain boundary grooving of this material without significant further grain growth. The resulting

grain structure after annealing for 30 h at 1600°C is shown in figure 4.29 (a). After this anneal,

the grain size of this alumina is much finer than the grain size of the Coors alumina. This alumina

has an average grain size of approximately 5�µm, compared to Coors, which has a bimodal

distribution of grain sizes with averages of approximately 5�µm and 20�µm.

A piece of copper wire was then placed on the alumina substrate and it was annealed at

1400°C for 50 h in a gettered argon environment (the same environment used for the bicrystal

experiment and the grooving experiments with Coors alumina). An AFM image that shows the

triple-line ridge that developed at the solid-liquid-vapor boundary is shown in figure 4.29 (b).

Line scans of this region are then shown in Figure 4.29 (c). The line scans do not show a

significant difference in the grain boundary groove widths for regions in contact with the liquid

compared to regions not in contact with the liquid, 2.46 versus 2.77 µm. These results are

contradictory to the expected ones because the groove width is wider in the region in contact with

the vapor, but two data points are not enough data to make an accurate comparison. Also, due to

the fine grain structure of this alumina it is possible that the grain boundary grooves from adjacent

grains are affecting the kinetics of the grooving. The maxima of the groove heights occur near the

centers of the grains. The groove profiles have a maximum, but the grains are not big enough for a

minimum to occur between adjacent grooves. This causes a groove morphology that is different

from the problem that Mullins treated for one single grain boundary. It is hard to draw a

conclusion about the grooving of this material after 50�h at 1400°C because the groove morphology

is not the expected or desired one. It is interesting to note that the groove in the bicrystal

experiment, resulting from niobium/alumina contact, was significantly wider after 50 h at 1400°C.
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This might suggest that the dissolution of alumina in niobium plays a more crucial role in the

alumina grain boundary grooving kinetics than the presence of liquid copper does. It could

alternatively be an effect of the adjacent groove interactions slowing the kinetics of groove

widening. When the grain structure of a material is relatively large, there is going to be a large

difference in chemical potential between the region near the groove height maxima (large radius of

curvature and high chemical potential) compared to the grain center (radius of curvature is

approximately zero and low chemical potential). If the location of the groove maxima and grain

centers are the same, then there is no driving force for mass transport because there is no chemical

potential gradient along the surface of the grain, which could lead to slower widening kinetics. This

effect is illustrated in figure 4.29 (c).

Figure 4.30 shows AFM line scans after an anneal of 150�h at 1400°C was performed

with a copper droplet on the alumina surface. Again, no significant difference was seen in groove

widths in contact with the liquid compared to groove widths not in contact with the liquid. The

groove widths were all between 3–4 µm, but the average of the groove widths shows that the

grooves in contact with the liquid copper were slightly wider than the grooves in contact with the

vapor, 3.70�µm versus 3.45�µm, which is to be expected. The groove width in the bicrystal sample

was significantly wider after 150 h than the groove widths in this sample. It seems that the liquid

copper is very important in accelerating the kinetics of grain boundary grooving in the niobium, but

for the processing times used to fabricate these metal/ceramic interfaces the dissolution of alumina

by niobium plays a much more crucial role in accelerating the kinetics of alumina grain boundary

grooving. No faceted grooves similar in shape to that seen after the 1700°C anneal in the bicrystal

sample (figure 4.25) were found. All of the grooves measured from the polycrystalline alumina

sample had humps on either side, and thus were probably kinetically limited by diffusion. It seems

that profile C in figure 4.30 (b) is the only groove measurement where the groove height maxima
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are not at the grain centers, and the grain above that particular groove in the AFM image is a

relatively large grain.
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Figure 4.1: Fracture strength data for various polycrystalline alumina samples.
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Figure 4.8: a) SEM image and corresponding EDS map with niobium shown in blue and
aluminum shown in yellow. EDS shown in c) suggests that embrittlement caused by presence of
silicon could lead to fracture through the niobium foil. In d) a high magnification of a fracture
surface (metal side) from a diffusion bonded sample shows both the faceted front between bonded
and unbonded regions of the interface a and a featureless unbonded region b. Features that more
closely resemble the facets seen by Reimanis are reproduced again in e) a micrograph taken from a
region of sapphire diffusion bonded to niobium for 1 hr at 1400°C with an applied load of 2.2
MPa.

a) b)

c)

d)

a

b

8 µm e) 20 µm

a

c
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a) b)

c) d)

e)

Figure 4.9: A sequence of interfacial microstructures for sapphire/copper/niobium/copper
couples initially bonded at 1150°C with an applied load of 2.2 MPa and after successive anneals in
vacuum for a) 15 h b) 22 h c) 29 h d) 36 h and e) 43 h. In this region, grain boundary groove ridges
appear to play a prominent role in the initial dewetting of the copper.
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a) b)

c) d)

e)

Figure 4.10: A series of interfacial microstructures for sapphire/copper/niobium/copper couples
initially bonded at 1150°C with an applied load of 2.2 MPa and after successive anneals in vacuum
for a) 15 h b) 22 h c) 29 h d) 36 h and e) 43 h. In this region asperities seem to play a more
prominent role in the initial dewetting of the copper film.
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a) b)

c) d)

e)

Figure 4.11: A series of micrographs showing the breakup of the copper film on c-plane sapphire
after a) 1 h b) 7 h c) 15 h d) 63 h, and e) 127 h at 1150°C. The lithographically processed feature is
0.5 µm deep. Inside the feature first contact to the sapphire is made by the niobium grain boundary
marked as a. After 15 h facets start to appear on the surface of the sapphire (the vertical lines in the
vicinity of b). The grain boundary is filled with liquid copper between 15 and 127 h, but then the
liquid disappears again before 127 h is reached.

a b

20 µm
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a) b)

c) d)

e)

Figure 4.12: A series of micrographs of c-plane sapphire with a lithographically processed feature
that is 0.5 µm deep. Images are taken after a) 1 h b) 7 h c) 15 h d) 31 h, and e) 127 h at 1150°C. In
this series asperities in the niobium foil are the points of initial sapphire contact inside the
lithographically processed groove. The niobium grain boundary marked a seems to not be as
important as asperities as it disappears from the interface between 1 and 7 h. Again facets are
visible as vertical black lines.

a

20 µm
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a) b)

c) d)

e)

Figure 4.13: A sequence of micrographs for an m-plane sapphire sample processed at 1150°C for
a) 1h b) 15 h c) 31 h d) 63 h and e) 127 h. Although asperities seem to be important to the initial
contact of the niobium to the sapphire, a grain boundary effects the final microstructure of the
niobium/sapphire interface. A triple point is labeled a and a region of facets (vertical lines) is
labeled b.

a

b

20 µm
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a) b) c)

d) e) f)

Figure 4.13.1: An enlarged region from Figure 4.13 that shows a feature that lacked copper
originally and then later filled with copper. These images are shown after a) 1 h, b) 3 h, c) 7 h, d) 15
h, e) 31 h, and f) 63 h at 1150°C. Notice that a ridge around the edge of the feature seems to
persist, but appears to become more diffuse with time.

10 µm
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a) b)

c) d)

e)

Figure 4.14: A sequence of micrographs of m-plane sapphire after anneals of a) 1h b)3 h c) 15 h d)
32 h and e) 127 h at 1150°C. In the lithographically processed cavity, it seems that the grain
boundaries grooved but did not contact the sapphire early on. The spotty features marked a and
the grain boundary marked b seem to disappear at extended anneal times. The grain boundary
marked c in c) seems to be more permanent and in contact with the sapphire as it is present at
127�h. Features that resemble ridges like those seen in Figure 4.13.1 are seen in the vicinity of d
and e in d). Another region of facets is visible at f in e).

a

b

c

20 µm

d
e

f
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a) b)

c) d)

Figure 4.15: Sequence of micrographs for m-plane sapphire with a 0.5 µm deep lithographically
processed cavity after anneals of a) 1 h b) 15 h c) 31 h and d) 127 h at 1150°C. At times less that 31
h the grain structure of the niobium marked a is visible in the cavity. Between 15 and 31 h the grain
boundaries move and do not resemble the grain boundaries visible earlier. The redistribution of
liquid copper could cause this drastic change in the niobium grain structure.

20 µm

a
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a) b)

c) d)

e)
Figure 4.16: A series of micrographs for an m-plane sample taken after anneals of a) 0.25 h b) 0.75
h c) 1.75 h d) 7.75 h at 1400°C and e) after an additional anneal at 1700°C for 12 h. The grooving
of a niobium grain boundary seems to be the initiator of niobium/sapphire contact at 1400°C.
After annealing at 1700°C for 12 h no copper is present at the interface. A triple point that is likely
a point of initial contact is marked a and an unbonded region with a rainbow pattern caused by the
refraction of light is marked b.

20 µm

a

b
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a) b)

c) d)

e)

Figure 4.17: A series of micrographs from an m-plane sample after anneals at 1400°C of a) 0.25 h
b) 0.75 h c) 1.75 h d) 3.75 h and e) an additional anneal of 12 h at 1700°C. Early on facets that
appear as horizontal lines are present, but they disappear completely after 1.75 h. This can be seen
in the region marked a. A grain boundary that was likely an initial point of contact is labeled b and
a region with asperities is marked c. Once again no copper is evident after annealing at 1700°C

a

20 µm

b

c
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Figure 4.18: Area analysis of copper coverage for several samples (c- and m-plane) processed at
1150°C. The data is quite irregular and scattered. Copper film thicknesses varied between 2–4 µm
for all samples. For example, Figures 4.9 and 4.10 are from a sample that had a copper thickness
that ranged between 2.05 and 3.02 µm. Figures 4.11–4.13 are from a sample that had a copper
thickness ranging between 2.07 and 3.15 µm.
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Figure 4.19: Kinetic models for the breakup of the copper film using equation (4.4) at 1150°C
are shown. Some data from figure 4.18 were omitted because mathematical singularities occurred
when calculating the kinetic parameters. A more sophisticated software package with capabilities to
determine the kinetic parameters for these data would avoid this issue.
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Figure 4.19.1: A model for the formation of niobium/sapphire interface of samples processed at
1150°C using a Johnson-Mehl-Avrami type equation.
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Figure 4.20: Area analysis and kinetic models for the breakup of the copper film at 1400°C in
contact with m-plane sapphire are shown. These data are from the regions of ceramic/metal
interface shown in figures 4.16 and 4.17. The copper thickness in these regions of sample ranged
between 1.86 and 3.10 µm.
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Figure 4.20.1: A model for the formation of niobium/sapphire interface for samples processed at
1400°C using a Johnson-Mehl-Avrami type equation.
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(a)

Figure 4.21: (a) An AFM image of the surface topology of c-plane sapphire in contact with copper
and niobium and after being annealed at 1150°C for 127 h and the corresponding line profile (b).
The metal layers were etched in an acid solution to expose the sapphire surface, which has
developed into a terrace-ledge morphology.
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(a)

(b)

Figure 4.22: An AFM image showing the (a) three-dimensional surface morphology of m-plane
sapphire after being in contact with copper and niobium for 127 h at 1150°C and (b) the
corresponding line profile.  The image was taken after the metal layers were etched in an acid
solution to expose the sapphire surface that has developed into a saw-tooth morphology.



-111-

(a)

(b)
Figure 4.23: Corresponding AFM image (a) and line profile (b) for the bicrystal sample after
annealing for 50 hr at 1400°C in contact with copper and niobium. The arrows point to saddle
points, which could features of a grain boundary groove present before migration occurred.
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(a)

(b)

Figure 4.24: Corresponding AFM image (a) and line profile (b) for bicrystal sample after
annealing for 150 hr at 1400°C in contact with copper and niobium.
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(a)

(b)

Figure 4.25: Corresponding AFM image (a) and line profile (b) for bicrystal sample after a total of
150 hr at 1400°C plus an additional 20 hr at 1700°C while in contact with copper and niobium.
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(a) (b)

(c) (d)

Figure 4.26: AFM images of bicrystal sample in regions away from the grain boundary after 50�h
at 1400°C are shown in (a) and (b). The topology of the bicrystal surface is affected by the niobium
asperities. In (a) there appears to be pits in the bicrystal surface perhaps corresponding to
protrusions in the niobium surface, and in (b) protrusions in the bicrystal surface could be caused
by pits in the niobium surface. The AFM image in (c) and the corresponding line profile in (d) are
from a region that was in contact with a niobium grain boundary.
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(a) (b)

(c) (d)

(e) (f)

Figure 4.27: A micrograph of the as received niobium is shown in (a) at a 40 x magnification. (b)
A schematic of what the wetting experiment with copper and niobium looked like after annealing
for 6 h at 1400°C. In (c), a micrograph of the cross section of the drop is shown, and (d), (e), and
(f) show micrographs of the regions marked d, e, and f in (b) respectively on the surface of the
niobium. The micrographs shown in (c)–(f) were taken at a 20 x magnification. In (g) (next page) a
region near the perimeter of the drop is shown in high magnification, it seems as though copper
nanowires have formed as an artifact of the etching.

100 µm

20 µm
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(g)

Figure 4.27 (continued)
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(a) (b)

(c) (d)

(e) (f) (g)
Figure 4.28: A copper film 2.87 µm thick was deposited on a Coors alumina substrate and
annealed first for 0.5 hr at 1100°C. Two regions showing different copper morphologies are shown
in (a) and (b); the alumina grain boundaries are not visible in either. The sample was then annealed
at 1400°C for 6 hr and the copper morphology was fairly uniform on the surface and resembled the
region shown in (c). The copper particles were etched in nitric acid prior to the micrograph taken
in (d) and faint rings were left at the edges of the particles marked with arrows. In (e), (f), and (g),
enlargements of the regions labeled e, f, and g in (b) are shown. Surface defects that my act as film
dewetting initiation sites are indicated.
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(a) (b)

(c) (d)

Figure 4.29: (a) Micrograph showing the grain structure in the polycrystalline material fabricated
by Robert Marks after an initial anneal of 30 h at 1600°C. In (b) an AFM image shows the triple
line ridge that developed at the solid-liquid-vapor interface. The line scan in (c) shows that there
was not a significant difference in the grain boundary widths for regions in contact with liquid
compared to regions not in contact with the liquid. The schematic in (d) illustrates how the
reduced driving force for mass transport in a small-grained material might lead to slower kinetics of
groove widening.

20 µm
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(a)

(b)

Figure 4.30: Line scans of a region of polycrystalline alumina fabricated by Robert Marks that was
(a) not in contact with liquid copper and (b) in contact with liquid copper during an anneal for 150
h at 1400°C.
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5. Conclusions

The mechanisms that contribute to the microstructure development in alumina assemblies

bonded using copper/niobium/copper interlayers were examined. In particular, the enhancement

in kinetics due to the presence of a liquid film and the effects of liquid-film morphology were

studied. Microstructure/strength relationships were developed from strength data combined with

micrographs of corresponding microstructures. Stronger interfaces were generally characterized by

extensive breakup of the liquid film into droplets that plastically deformed and tore during fracture

and were present on both the metal and ceramic side of the fracture surface. Fracture surfaces also

contained few small featureless unbonded regions, regions of ceramic pullout, and large regions of

niobium/alumina contact in which the alumina grain boundaries were visible on both sides of the

fracture surface.

The chronology of the microstructural development at these metal/ceramic interfaces was

recorded using transparent sapphire substrates in model experiments. Observations of the

transformation of copper/sapphire interface into niobium/sapphire interface allowed for the

identification of the mechanisms that contributed to the initiation and growth of

sapphire/niobium contact. Asperities in the niobium foil and grain boundary grooves in the

niobium foil were major sites of niobium/sapphire contact initiation. Other mechanisms that

contributed to contact growth and further liquid-film breakup include liquid film redistribution,

which depends on defect geometry, local film thickness, and interfacial crystallography, and

breakup of liquid patches via Rayleigh instabilities. Microlithography techniques made it possible

to locally vary the liquid film thickness and establish that sapphire/niobium contact growth

occurred more slowly in locally thicker regions of liquid.
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Kinetic models were developed to describe dewetting kinetics at 1150°C and 1400°C.

These models predict the area fraction of copper/sapphire or niobium/sapphire contact at

increasing times during processing. One model uses simple first-order kinetics and the other model

utilizes a Johnson-Mehl-Avrami equation. Neither model accurately predicted the extent of

breakup for all samples, and kinetic parameters at constant temperature varied considerably.

However, it was possible to compare the two processing temperatures using average kinetic

parameters and there was reasonable agreement (a factor of 1.44). It is expected that other diffusion

mechanisms besides bulk niobium diffusion through the liquid are active at the processing

temperatures. Given the large number of factors and mechanisms contributing to the

microstructural development, the agreement of the simple kinetic models is quite surprising.

Simple wetting experiments allowed for the investigation of the effects of liquid copper on

the thermal grooving of alumina and niobium. Wetting experiments showed that a dispersion of

niobium precipitates on the surface of a liquid copper drop might play an important role in the

adhesion of liquid copper to alumina and high fracture strengths. The fabrication of an alumina

bicrystal also facilitated the study of the grooving of one particular grain boundary in the

copper/niobium/alumina system. The grain boundary grooves in alumina have humps on either

side of the groove, which indicates that the kinetics of grooving are limited by diffusion. The

dissolution and precipitation reaction of alumina in niobium can also be an important mechanism

contributing to the morphology of grain boundary grooves when alumina is bonded to

copper/niobium/copper interlayers. The presence of a liquid can enhance kinetics of grooving,

ridging, and surface faceting in alumina. Difficulties arise when trying to measure the kinetics of

grain boundary grooving in small-grained materials because grooves from adjacent grains interfere

with mass transport and alter the grooving energetics and kinetics.
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Appendix I: Tensile Stress Experienced by a Beam in the

4-Point Bend Test

When a beam experiences bending, the stress it experiences is given by:

  

� 

s = -
My
I

(A.1)

where M is the bending moment experienced by the beam at position y from the neutral axis for a

beam with a moment of inertia I. The geometry of a beam experiencing bending in a 4-point bend

test is depicted below.

It is possible to calculate the moment, M, that the beam experiences from the relation:

  

� 

dM
dx

= V (A.2)

where V is the shear force experienced by a volume element in the beam. It is possible to construct

a plot of the shear experienced by a volume element at position x using the method of sections and

summing the forces to zero starting at the left end of the beam. A sketch of the shear V  as a

function of x is shown below.
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It is possible to now integrate to find the moment M. The constant of integration is zero because

no moment can be applied by the rods applying the forces. A plot of the moment is shown below.

From the plot it is clear that the maximum moment the beam experiences is equal to 
    

� 

Pa
2

. So the

maximum tensile stress is going to be experienced on the bottom edge of the beam when x is a

position that is half of the length of the beam. Combining equations:

    

� 

M =
Pa
2

; y = -
d
2

;I =
bd3

12

s = -
Pa
2

◊ -
d
2

◊
12

bd3

s =
3Pa

bd2

(A.3)

If P is given in kg, then it is necessary to multiply by g to obtain P in N. For a testing jig with an

inner span of 9 mm and an outer span of 25 mm, a=8 mm, and thus the equation for the maximum

tensile stress experienced by the beam is obtained:

    

� 

s max =
24Pmax g

bd2 .
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Appendix II: Driving Force for Thin-Film Dewetting

The microstructure of sapphire joined using copper/niobium/copper interlayers has been

shown to develop into large regions of niobium/sapphire contact with isolated particles of copper

dispersed along the interface. A thin-film of copper deposited onto an alumina substrate will also

dewet the surface and form many isolated particles. For the case of the thin-film at the bimaterial

interface, it has been shown that many factors can affect the formation of the isolated droplets

including thermal grooving, surface defects, and crystallographic orientation dependent surface

energies. The formation of isolated droplets from a thin liquid film on a surface is completely

driven by the minimization of surface energies. It is desired to determine the relative values of this

driving force for the formation of one isolated drop on a surface, compare it to the driving force for

the formation of multiple drops, and determine how the film thickness affects these driving forces.

Young’s equation describes the equilibrium contact angle, 

� 

q , that develops at

solid/liquid/vapor interfaces to minimize surface energies. For all but the lowest contact angles, a

film that completely covers a substrate surface must contract from the edges of the substrate if

volume is to be conserved in the film material, and if equilibrium is to be reached. The schematic

below illustrates a continuous film that dewets to either one drop or multiple drops of equilibrium

shape.
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The geometry of the isolated drops is that of a spherical cap. Thus, it is important to

define the important geometric parameters in a spherical cap. Those parameters are defined in the

schematic below.

Some relevant geometric relationships between the parameters in the schematic above are

given below.
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� 

h = R - R cosq
a = R sinq

Vcap =
1

3
ph2 3R - h( )

Acap = 2pRh

where 
  

� 

Vcap  and 
  

� 

Acap  are the volume and surface area of the spherical cap, respectively. Notice that

when 

� 

q  is defined this way, these geometric relationships are valid for all values of 

� 

q  between 0°

and 180°.

Using this geometric description it is possible to calculate the change in free energy when a

continuous film contracts to form a drop at various equilibrium contact angles for given values of

interfacial energies. The initial geometry of the system to be dealt with was determined from two

basic assumptions. The film thickness had to be much less than the length and width dimensions.

Also, it was assumed that the film’s volume was unity, and unit volume was conserved as the film

would contract and form one or many drops. For different equilibrium contact angles, the radius of

the spherical segment was always back calculated by assuming conservation of volume. Arbitrary

units were used for all of the calculations. The initial condition with the relevant dimensions is

shown in the schematic below. The change in free energy is always calculated relative to this initial

state.
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The change in free energy for the film dewetting the substrate and forming a spherical cap

for different values of equilibrium contact angle is given by:

    

� 

DG = nAcapg lv + np (R q( )sin q( ))2g sl + [10002 - np (R q( )sin q( ))2 ] g sl + g lv cos q( ){ } -

[10002 + 4 ◊1000 ◊1 ¥ 10-6 ]g lv + 10002 g sl{ }
where:

    

� 

n = the number of drops

R q( ) = a function that calculates the radius of a spherical cap

that conserves the volume of the film for a given equilibrium contact angle and n

g lv = liquid/vapor interfacial energy

gsl = solid/liquid interfacial energy

gsl

g lv
= 2 for the purposes of this calculation 

t = the thickness of the film (does not appear here, but will be used later)

The change in free energy can then be plotted for various equilibrium contact angles. The

plot below compares the free energy change for the continuous film transforming into 1 drop and

transforming into 1000 drops.
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Upon inspection it appears as though the driving forces for these two processes are

equivalent. The plot below shows that this is not the case.
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It is clear from the plot that     

� 

G1000 drops - G1 drop > 0 . This means that the driving force for

the film transforming to one drop is always more negative than the driving force for a

transformation to multiple drops. The difference is not large, which implies that perhaps the

morphology of a thin-film on a surface is very sensitive to nucleation sites for drop formation. It

emerges that the shape of this plot is insensitive to relative values of interfacial energies and number

of drops. The scale of the vertical axis changes to accommodate different number of drops and

relative values of interfacial energies, but the shape of the curve remains the same. As the number of

drops the film breaks up into increases (n), the value of    

� 

Gn>1 drops - G1 drop  becomes more positive.

One would expect that if a film were to initially break up into multiple drops for kinetic reasons

that these drops would coarsen to eventually form one big drop given enough time because

thermodynamically, a single-drop morphology minimizes the interfacial energy.
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The question that remains is the effect of film thickness on this driving force. The plot

below shows the effect of increasing film thickness on the driving force for the formation of one

drop. A film thickness 10 times the thickness originally used for this calculation has been used, and

the volume of the film material has been adjusted accordingly.
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In this case the thicker film has a less negative change in free energy and therefore a smaller

driving force for dewetting. For a given area of substrate and a constant volume of film material, a

scaling law exists between the radius of the drop and the film thickness:

    

� 

At =
4
3

pR3 ◊ scaling factor for a spherical cap

\R µ t
1
3
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The curvature contribution of the chemical potential of the drop scales with the radius of

curvature:

    

� 

m µ
2

R

A thicker film would therefore lead to a larger drop radius and a decreased curvature increment to

the chemical potential, which explains why the driving force for a thicker film to form a drop is

smaller.

The next plot compares     

� 

DG1000 drops  for a film thickness of   

� 

1 ¥ 10-5 to     

� 

DG1000 drops  for a

thickness of   

� 

1 ¥ 10-6 .
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It seems as though there is also a greater driving force for the thinner film to breakup into

multiple drops, similar to the case for one drop, but the difference is greater for multiple drops.

Volume conservation requires that the sum of the volume of all of the drops is equal to the film

volume, thus the scaling law becomes:

    

� 

At =
4

3
pR3n ◊ scaling factor for a spherical cap

\R µ
t

n

Ê 

Ë 
Á 

ˆ 

¯ 
˜ 

1
3

The thicker film is going to reduce the curvature increment to the chemical potential, but the

greater number of drops is going to increase the curvature increment to the chemical potential.

Thicker films have a smaller driving force for drop formation, and the driving force for

transformation increases with decreasing number of drops.

Finally, the last plot shows a comparison of a transformation to 1000 drops versus 1 drop

for a film with thickness   

� 

1 ¥ 10-5.
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It would seem that as film thickness increases, there is a greater difference in driving forces

for the formation of one drop and multiple drops, but the minimum energy still occurs with the

formation of one drop. The results of these calculations can be summarized into three important

conclusions:

1. As film thickness decreases, the driving force per unit volume for dewetting increases.

2. The driving force is greater (more negative) for the formation of fewer drops.

3. As film thickness increases, the difference between the driving force for the formation

of one drop and the formation of multiple drops increases.

The plots below summarize the results in graphical form.
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