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ABSTRACf 

This thesis is concerned with the first (to the author's 

knowledge) attempts to utilize the properties of low carbon dual-

phase steels to produce high strength wire as an alternative to 

existing practice using pearlitic medium to high carbon steels. 

This goal to design a dual-phase steel suitable for drawing into 

high strength wire necessitated a study of the relationships 

between the microstructure and properties of undrawn rod and rod 

drawn into wire. and of the deformation of dual-phase steel at . ;. 
large strains. 

Dual-phase steel was selected for this study because of its 

pronounced strain hardening rate and superior formability. These 

properties permit dual-phase steel to be drawn to large strains 

and high strengths. The alloy composition and processing are 
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generally quite simple and they can be varied to produce a wide 

range of structures and mechanical properties to fit specific 

applications. 

Dual-phase microstructures of several different martensite 

volume fractions, particle shapes, particle sizes, carbon 

contents and crystallographic relations with the ferrite matrix 

were studied. It was found that good mechanical properties could 
.~ 

be obtained in wire drawn from dual-phase steel. The most 

promising steel was the Fe-2Si-0.1C alloy given a double heat 

treatment consisting of austenitizing and quenching to marten-

site, followed by two phase annealing at 950 C and quenching. 

This steel could be drawn to a true strain of 6.1 without inter-

mediate annealing. It is recommended that a lower carbon content 

of 0.06 to 0.08 wt.% be used to lower the carbon content in the 

martensite. thereby reducing the amount of voids that form during 

drawing. Stress relief after wire drawing resulted in a substan-

tial increase in the ductility of the wire. The effects of 

various other factors such as alloying. quench speed. drawing 

schedule and drawing speed on the structure and mechanical pro-

perties of the wire are discussed. 
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1. INTRODUCTION 

Two of the many requirements for automobile sheet steels are 

high strength and good formability. The high strength permits 

the use of thinner gauge sheet resulting in lighter and more fuel 

efficient automobiles. and the often conflicting requirement of 

good formability is necessary if the steel is to be stamped into 

the complex shapes of automobile parts. One of the steels 

recently designed to meet these requirements is a high strength. 

low alloy (HSLA) steel known as dual-phase steel [1-3J. Since 

its introduction. considerable research effort has been directed 

towards understanding and improving this steel as reported at 

five symposia on the subject [4-8J. 

The basis of dual -phase steel is that of a composite. De

spite the name "dual-phase". this steel lIlay contain three or 

more phases. The matrix is usually soft ductile ferrite. The 

strengthening phase(s). which comprises 10 to 40 volume percent. 

is mainly hard strong martensite but may contain small amounts of 

bainite or retained austenite. However. in novel dual-phase 

steels developed by Kim [9] and Bangaru [10J. the second phase is 

made up entirely of bainite or retained austenite respectively. 

When the second phase is martensitic, the preferred structure is 

dislocated lath martensite separated by thin films of retained 

austenite. This type of martensite substructure has been shown 

previously to be beneficial for good strength and toughness in 

martensitic steels [11,12] as well as in ferritic-martensitic 

steels [13,141. 
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The dual-phase microstructure can be produced by continuous 

annealing [1] or batch annealing [2.3] a ferrite-pearlite hot 

rolled steel in the intercritical (a + y) region for a short 

period of time followed by cooling at a rate high enough to 

transform some of the austenite to martensite. Dual-phase steel 

can be produced in the as-rolled condition by carefully con

trolled continuous cooling after rolling [15] or by quenching 

after rolling in the intercritical region [9]. These methods 

have the advantage of eliminating a heat treatment step for 

obvious cost savings. The composition of dual-phase steel usual

ly consists of 0.06-1.5" C. 0.3-1.5" Mn. 0.3-2" Si. and may also 

contain small amounts of vanadium. niobium. chromium or molybde

num. This low alloy content makes dual-phase steel simple and 

inexpensive. Despite the lean nominal alloy composition. marten

site can be formed with moderate cooling rates. This is possible 

because of the segregation of carbon and alloying elements to the 

austenite during two phase annealing [14.16-18] which can sub

stantially increase the hardenability of the austenite. 

The mechanical properties typical of this composite micro

structure include low yield strength. continuous yielding. high 

initial work hardening rate. high tensile strength. good ductili

ty. and good formability. Fig. 1 contains typical stress strain 

curves of dual-phase steel [19] and a stress strain curve of a 

ferrite-pearlite steel included for comparison. The low yield 

strength is the result of deformation beginning in the soft. 

clean ferrite matrix. The lattice shear and volume expansion of 

the austenite to martensite transformation causes a distortion 
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between the product martensite and the matrix [20]. This distor

tion generates residual stresses and introduces a high density of 

mobile dislocations into the ferrite around the martensite parti

cles resulting in a lower yield strength than ferrite-pearlite 

steels. The mobile dislocations and the residual stresses allow 

deformation to start immediately at many different locations 

resulting in continuous yielding. 

The early yielding is followed by a high initial work hard

ening rate. High work hardening is typical of materials consis

ting of a hard dispersion in a soft matrix and is enhanced by the 

elimination of the residual stresses mentioned above. This ini

tial work hardening stage is followed by two stages of lower work 

hardening after the back stresses are eliminated and as disloca

tion cells form. 

The rapid work hardening provides a high tensile strength 

despite the low yield strength and suppresses the onset of 

necking in uniaxial tension tests to yield high uniform elonga

tion values. More importantly it suppresses the onset of plastic 

instability in multiaxial metal forming operations to yield 

improved formability [21]. 

Since dual-phase steel is a composite, its mechanical prop

erties should be influenced by the mechanical properties and 

volume fractions of its components as predicted by composite 

strengthening theory. This is especially true for the yield and 

tensile strengths which have been shown to have direct linear 

relationships with the volume fraction of martensite [22, 23]. 

Deviations from this trend can be attributed to changes in the 
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strength of the martensite because of changes in the carbon 

content at different annealing temperatures [24], or to changes 

in the strength of the ferrite because of precipitation strength

ening [25-27]. 

As the understanding of the fundamental physical and mecha

nical metallurgy of dual-phase steel progressed, the emphasis of 

research on dual-phase steel shifted toward optimizing alloying 

and processing to obtain better properties at lower cost. How

ever, in our alloy design program at Berkeley, an attempt has 

been made to draw upon the many advantages of this composite 

microstructure for use in applications other than for cold forma

ble sheet. One example was the design of a dual-phase steel for 

low temperature structural applications [9]. The design concept 

was to combine the high strength and good ductility of dual-phase 

steel with very fine grain size obtained through controlled 

rolling. The result was an as-rolled dual-phase steel with an 

excellent combination of strength and low temperature impact tough-

ness. 

The application for dual-phase steel being considered in 

this research is that of high strength wire. Designing a dual

phase steel for cold drawing into wire is quite a large departure 

from the norm since most of the present applications for dual

phase steel are in sheet products. Dual-phase steel was selected 

in this case because of its pronounced strain hardening rate and 

superior formability. The rapid strain hardening helps to in

crease the strength further above the nominal SO ksi (345 ~Wa) 

yield strength with less cold reduction. The superior formabil-
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ity increases the amount of drawing strain that can be applied to 

the steel, increasing the maximum strength attainable. The supe

rior formability also makes the wire drawing process itself 

simpler and more reliable. The wide range of mechanical proper

ties possible with dual-phase steel allows one to tailor the 

steel to the specific application and wire drawing parameters 

encountered. These advantages are in addition to the previously 

mentioned simplicity and low cost of the composition and proces

sing. 

The present process for producing high strength wire begins 

by patenting a steel of O.4~ carbon or higher. Patenting is a 

continuous heat treating process used for wire production [28]. 

It consists of heating the as-received hot rolled rod above the 

upper critical temperature for a short period of time followed by 

rapid cooling to a set temperature where the austenite is trans

formed to the desired fine pearlitic structure. Air patenting 

involves heating the rod by pulling it through a open furnace 

followed by open air cooling. Faster and more accurate heating 

and cooling can be achieved by using molten lead or direct resis

tance heating followed by quenching in a lower temperature molten 

lead or molten alloy bath. The patenting process is followed by 

heavy drafting to high strengths in the desired finish diameter. 

If very high strength and/or small diameters are desired. the 

wire must be patented more than once before the desired size and 

properties are reached. 

The cold deformation of iron begins with formation of rela

tively straight dislocation lines [29]. Dislocation interaction 
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begins at about 1~ strain. and after about 3.SGAa strain. the 

dislocations begin to cluster and form a cell structure. By 9~ 

strain. these cells are well defined and the dislocation density 

in the cell interiors is low. As the strain increases. the cells 

begin to align themselves. At higher strains. such as those 

encountered in wire drawing or cold rolling. the cells begin to 

elongate in the working direction and decrease in width. At this 

point. the flow stress is linear with d-1/ 2 where d is the cell 

width [30.31]. 

As in most Bee materials, pure iron and pearlite develop a 

[110] texture during wire drawing [32,33]. A Bee crystal in a 

[110] orientation can only elongate by slip in the [llJL] and 

[111] directions. resulting in a net contraction along [001] 

[32.33]. There is no net change along [110]. This plane strain 

deformation of the cells and grains give them an eliptical rather 

than circular transverse section. As a result. they must curl 

around each other to maintain compatibility. This gives Bee 

wires a wavy appearance in transverse sections [32-34]. This 

extra curling strain is thought to be a source of increased 

strain hardening after 70~ reduction. 

The strain hardening rate of pearlite is higher than that of 

a single phase Bee material such as pure iron since the cementite 

fragments stabilize the cell walls against dynamic recovery and 

the pearlite spacing establishes a smaller initial cell size 

[31]. At higher strains. the cell size is proportional to the 

wire diameter. Thus, the floy stress is also linear with the 

wire diameter raised to the one half power. resulting in the flow 

". 
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stress being proportional to exp(e/4) [30], where e is the true 

strain. 

Fine pearlite is more desirable than coarse pearlite. It is 

not only stronger, but it strain hardens faster [30], can be 

drawn further [30], and deforms in a more ductile manner [35,36]. 

Continued drafting of pearlitic wire leads to void formation. 

Void formation in pearlitic wire occurs by fragmentation or 

decohesion of the cementite [36]. 

In general, decohesion at the interface of a hard inclusion 

in a ductile matrix must satisfy two criteria, an elastic energy 

criterion and an interfacial stress criterion [37]. The elastic 

energy criterion is that the elastic energy stored in the plasti

cally non-deformable inclusion which is released during decohe

sion must be greater than or equal to the energy of the newly 

formed surfaces. This is why the particle/matrix interfacial 

energy has such a strong influence on the nucleation rate of 

voids [38]. This criterion is more easily satisfied for large 

particles than for small particles [37]. The second criterion is 

that the stress (tensile) at the particle/matrix interface must 

exceed the tensile strength of that interface before the stored 

elastic energy can be released to form the two new surfaces. 

Studies on the formation of voids in the necked region of a 

tensile specimen of a ferrite-spherodized carbide steel [39] and 

a ferrite-martensite steel [40] have shown that decohesion tends 

to occur at the particle/matrix interface, more specifically, at 

one pole of the particle, between closely spaced particles, at 

particles that are of greater than average size, at elongated 
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particles. and at particles lying at ferrite-ferrite grain bound

aries. These observations can be explained by considering the 

elastic energy of the particles. the energy of the particle! 

matrix interface and the tensile stress on the interface. One 

exception. however. is the observation that voids tend to form at 

elongated particles. The criteria for void formation presented 

earlier was derived for equiaxed particles and do not necessarily 

apply to elongated particles. Another assumption was that the 

particles do not plastically deform at all which does not apply 

to some martensite particles. Fiber composite theory states that 

an elongated particle has a better load transfer with the matrix 

[41] which would tend to reduce void formation. The occurrence 

of voids at larger than average particles may also be a conse

quence of greater interaction with other particles rather than 

just their size [37J. 

In his study of a 1.5" Mn dual-phase steel. Speich [24] 

found that void formation began either by decohesion or cracking 

of the martensite second phase. He cited McClintock [42] as 

saying that the reduction in area is dependent in a complex 

manner on the nucleation and growth of voids. and used this to 

reason that the reduction in area can be used as a measure of the 

void formation tendency of different microstructures. i.e •• of 

different martensite carbon contents and volume fractions. He 

derived an empirical relation showing that reduction in area is 

inversely proportional to the carbon content of the martensite 

times the square root of the volume fraction of martensite. 

Thus. carbon content has a much greater influence than volume 
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fraction on reduction in area. and therefore. a greater influence 

on void formation. 

The first step in this research was to learn more about the 

high strain deformation behavior of dual-phase steels during wire 

drawing. Except for a fundamental deformation study by Korzekwa 

et al. [43]. very little is known about wire drawing of dual

phase steel. A study on the deformation of dual-phase steel is 

also beneficial to the numerous existing applications of dual

phase steel that require cold forming during processing. Dual

phase steel is ideal for a fundamental study on the deformation 

of a two phase system since a wide range of structures can be 

produced from a single alloy. The martensite particle size. 

shape. strength. volume fraction. and distribution within the 

ferrite matrix can all be changed to a large degree by changing 

the heat treatment path and the two phase annealing temperature. 

Wire drawing is an ideal process for a fundamental study on 

deformation since it allows very large plastic strains to be 

attained. This is because although the work of the deformation 

is applied through tension of the wire at the exit of the die. 

plastic flow is caused by indirect compression from the die 

surface [41]. Also. the axisymetric geometry of the process 

results in more uniform deformation than other large strain 

deformation processes such as flat rolling. thus simplifying 

analysis and improving properties. 

The Fe!Si!C dual-phase steel was chosen for this study 

because it was previously shown to have excellent mechanical 

properties [13]. The system is also well characterized in terms 
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of both microstructure and mechanical properties [13,14,18,25,44, 

45]. In addition, it was shown that a wide range of morphologies 

and mechanical properties could be produced from a single alloy 

through appropriate thermal processing [14,45], thus allowing for 

a more thorough and consistent investigation with fewer changes 

in alloy composition. From an economic point of view, the alloy 

is simple and inexpensive. The silicon provides the added bene

fit of solid solution hardening [46]. This makes it possible to 

obtain higher strength levels in the drawn wires with less cold 

work without sacrificing ductility [47]. 

The deformation behavior was studied in terms of the differ

ence in strain between the hard and soft phases, the formation of 

voids that result from this difference, the structure of highly 

deformed ferrite and martensite, and the effect of the ferrite and 

martensite morphology on the wire drawing behavior of these 

steels. Correlations were made between the initial structure and 

properties of the different dual-phase steels, and the structure 

and properties of the drawn wire. 

The second step and ultimate goal was to use the information 

gathered during the fundamental study of the deformation of dual

phase steel during wire drawing to propose a design of a dual

phase steel of appropriate microstructure and properties for cold 

drawing into high strength wire. A successful design must have a 

simple alloy composition and must attain the desired properties 

without intermediate heat treatments or anneals. 
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2. EXPERIMENTAL' PROCEDURE 

2.1 Material Preparation 

The alloy codes and the chemical compositions of the alloys 

used in this investigation are shown in Table 1. The 2% silicon 

alloys SV and S were provided by Sandia National Laboratories, 

Albuquerque, N.M. They were vacuum induction melted in 300 lb 

(130 kg) ingots and vacuum arc remelted. They were homogenized 

at 1100 C for 16 hours and hot worked to 0.525 inch (13 mm) thick 

plates. Rectangular bars 0.5 inch (13 mm) wide were cut from 

these plates and hot rolled to rods approximately 0.290 inch (7 

mm) in diameter. The 1.5% manganese a 110y was provided by Nippon 

Kokan K. K. It was vacuum melted and cast in a 110 lb (50 kg) 

ingot. After soaking at 1200 C for two hours and hot rolling, 

the billet was cut into smaller pieces and hot open die forged 

into bars 0.65 inch (16.5 mmHn diameter and 6-1/2 feet (2 m) 

long. These bars were then hot rolled in the same manner to 

0.290 inch (7 mm) rods. 

2.2 Heat Treatment 

Oversized blanks 0.250 inch (6.4 mm) m diameter were 

machined for drawing into wire (4 inches ~n length) and tensile 

test specimens (2-3/4 inches long). These were then heat treated 

~n a vertical tube furnace under flowing argon atmosphere ac

cording to the schedules shown in Fig. 2. Austenitizing for the 

double heat treatment was one hour at 1150 C for all cases. The 

two phase annealing was done for ten minutes at 850 C to 1000 C 
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for the 2% Si steels and at 757 C for the 1.5% Mn steel. Both 

heat treatments were completed with a quench into agitated iced 

brine. Minor variations to the above treatments were used occa

sionally and are described in the text. 

2.3 Wire Drawing 

The 4 inches (102 mm) long heat treated blanks were machined to a 

diameter of 0.200 inch (5 mm). They were then pointed by swaging and 

drawn through 6°_8,0 semi-die angle conical carbide and diamond 

dies lubricated with Dupont Vydax Freon-Teflon dispersion. The 

usual drawing speed was 1.2 inch/ sec (31 mm/ sec) resulting m a 

strain rate of 3/sec in the larger sizes to 33/sec in the smaller 

S1zes. The usual reduction in area per pass decreases from 35% 

in the early stages to 20% in the later stages. 

2.4 Metallography 

2.4.1 Optical Metallography 

Specimens for optical metallography were cut from heat 

treated rods the same diameter as the tensile specimen blanks and 

as the rods used for wire drawing to ensure similar heating and 

cooling rates. After mounting in either a self curing resin or a 

clear thermoplastic compression molding material, the specimens 

were rough ground on a flood cooled 240 grit belt sander, then 

hand ground on wet silicon carbide paper from 240 grit to 600 

grit. The final polishing was done with 6; then 1; diamond paste 

on a nylon cloth covered polishing wheel. After the microstruc

tural features were revealed by etching in a 2% Nital solution 
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for 30-60 seconds, the microstructures were observed and recorded 

yith a Zeiss Ultraphot II metallograph using Polaroid film. 

Martensite volume fractions yere determined by ~he line intercept 

method [48] using several micrographs taken at 1000 times magni

fication. 

2.4.2 Scanning Electron Microscopy (SEM) 

Specimens for scanning electron microscopy were prepared in 

the same manner as those for optical metallography. They yere 

observed either in an AKR-1000 scanning electron microscope oper

ated at 20 kV or an lSI DS-130 scanning electron microscope oper

ated at 25 kV. X-ray microanalysis yas performed on the AMR-1000 

SEM yhich was equipped yith a Kevex energy dispersive spectrome

ter (EnS) system. 

2.4.3 Transmission Electron Microscopy (TEM) 

Thin foils for transmission electron microscopy of the as

heat treated steels yere obtained from the same heat treated rods 

used for the preparation of specimens for optical metallography. 

Slices approximately 12 mils thick yere cut yith an Isomet loy 

speed say using a diamond yafering blade. The slices yere then 

chemically thinned to 2 mils at room temperature in a solution of 

96 ml of 30 .. H202 and 4 ml of 4~ HF. After the 3 mm dics yere 

punched from the slices, they yere polished to electron transpa

rency in a twin jet electropolisher using a solution of 75 grams 

cr03' 400 ml CH3 COOH and 21 ml of distilled water. Polishing 

potentials of 35-50 volts were used. The thin foils were then 
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examined with a Philips EM301 transmission electron microscope at 

an accelerating voltage of 100 kV. 

Longitudinal sections of the drawn wires were made by hand 

grinding two sides of the wire to make a thin strip 2 mils (0.05 

mm) thick and as wide as the original wire diameter. This strip 

was then polished by the window technique in a solution of 1 

pound (0.5 kg) anhydrous sodium chromate and 1 gallon (3.8 1) 

glacial acetic acid using a polishing potential of 25-35 volts. 

SlIlaller wires were thinned without masking the edges of the 

strip. 

Transverse sections of the drawn wires were made by nickel 

pIa t ing the w ire to a total diameter of 3 mm and die ing off 

0.012 inch (0.3 mm) thick discs with the low speed saw. These 

discs were then hand ground on wet silicon carbide paper to a 

thick.ness of 2 mils (0.05 mm) and jet polished as above. 

2.5 Mechanical Testing 

2.5.1 Tensile Testing 

Testing of the steels in the as-heat treated condition was 

conducted on sub size cylindrical specimens machined from the 

2-3/4 inch long blanks according to the specification shown in 

Fig. 3. This was done at room temperature on an Instron machine 

at a strain rate of 0.04/min. Total elongations were determined 

by measuring the distance between two mark.s approximately 0.5 

inch (13 mm) apart before and after testing with an optical 

microscope equipped with a vernier translating stage having a 

prec ision of 0.01 mm (0.4 m i1). The reduction in area was calcu-

, > 
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lated from measurements made on this same microscope. The other 

tensile properties were determined from the load-displacement 

curve recorded by the testing machine. The yield strengths were 

determined by the 0.2~ offset method. 

The drawn wires were tested on the Instron testing machine 

in 3-1/2 inch (89 mm) lengths with 1 inch (25.4 mm) gauge 

lengths. The strain rates were 0.005-o.02/minute. The wires 

larger than 0.075 inch (1.9 mm) in diameter were tested in self 

tightening wedge grips. In this case the gauge diameter was 

reduced by 10~ to prevent failure in the grips. Smaller diame

ters were tested in screw tightened grips. The jaws were lined 

with aluminum strips to prevent failure in the grips. The ends 

of the wires were roughened with coarse emery paper to prevent 

. slipping. 

2.5.2 Torsion Testing 

Torsion testing was done on 6 inch (152 mm) long specimens 

with 4 inch (102 mm) gauge lengths. The ends of the spec imens 

were gripped in the chucks of a lathe and the lathe was turned by 

hand until failure of the wire. The number of times marks on 

each end of the gauge passed each other was recorded. This 

ensured that that twisting in the grips or outside the gauge was 

not recorded. 

2.5.3 Microhardness Test ing 

Wire sprecimens for Vickers microhardness testing were 

mounted in a self curing resin and polished as in preparation for 
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optical metallography. They were then tested in the axial direc

tion with a Leitz Miniload microhardness tester using a 1 kg 

load. The reported figures are the average of at least ten 

measurements. 
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3. RESULTS 

3.1 Structure 

3.1.1 Initial Structure 

The initial as-heat treated structures of the dual-phase 

steels are shown in Fig. 4. In these optical micrographs, the 

dark etching phase is martensite and the light etching phase is 

ferrite. The volume fraction of martensite for each structure is 

given in Table 2. As expected from the tie-line construction for 

the corresponding phase diagram, the volume fraction of martensite 

increases with annealing temperature as seen by comparing Figs. 

4a-c. The carbon content of the martensite was estimated by 

dividing the bulk carbon content of the alloy by the volume 

fraction of martensite. This is a rough estimate since it 

neglects the carbon content in the ferrite, but it gives a rough 

idea of the strength/hardness of the martensite. The results are 

included in Table 2. 

The double heat treated silicon containing alloys have the 

characteristic acicular martensite particles with some grain 

boundary allotriomorphs. There is no significant difference 

between the two silicon containing alloys except for a decrease 

in the volume fraction of martensite and the possible precipita

tion of vanadium carbide with the addition of vanadium. The 

change in the martensite volume fraction may be attributed to the 

fact that vanadium constricts the austenite phase field [46] 

resulting in a lower austenite volume fraction (and thus a lower 

martensite volume fraction) at a given annealing temperature. 
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The single heat treated specimen has a fine, uniform disper

S1.on of equiaxed martensite particles. The martensite volume 

fraction is essentially the same as 1.n its double heat treated 

counterpart. 

The double heat treated alloy M also has acicular marten

site particles, however, the number of grain boundary allotrio

morphs and idiomorphs has increased to the point that the 

martensite 1.S continuous at the prior austenite grain boundaries. 

The microstructure also contains several large intragranular 

idiomorphs. 

The second phase of the silicon containing alloys was found 

to be predominantly lath martensite as shown in Fig. S. Thin 

films of retained austenite between the laths were found by 

selected area diffraction and dark field analysis. As mentioned 

earlier, this is the preferred substructure for a martensitic 

steel,as well as for a ferritic-martensitic dual-phase steel. 

Microdiffraction analysis of the double heat treated specimens 

showed that the martensite particles generally have the same 

crystallographic orientation as the surrounding ferrite matrix 

(Fig. 6). This is generally not true for the martensite in the 

single heat treated specimen. 

3.1.2 Drawn Structure 

Fig. 7 shows the drawn structure at a true strain of 3.6 or 

973% reduction in area. In these scanning electron micrographs, 

the brighter phase is the martensite. Both the ferrite and the 

martensite in the dual-phase steels deform, but to greatly 



19 

varying degrees. This difference in strain results in void for-

mation at the ferrite/martensite interface. Martensite particle 

cracking was not observed at this strain. A martensitic steel 

quenched from the austenite phase field, SV SING 1150 (Fig. 7e), 

was included for comparison. This single phase material deforms 

much more homogeneously. 

The results of void area density measurements made on 

polished and etched longitudinal sections of drawn w~re are 

presented in Table 3 with the SV DBL 850 specimen having the 

highest density and the martensitic specimen having the lowest. 

The void density was measured in micrographs taken at 505 X and 

averaged from an area of approximately 0.1 2 mm • Only voids 0.5 

;m in diameter or larger were counted. As shown in Fig. 8, there 

~s a direct relationship between the void density and the esti-

mated carbon content of the martensite. Most of the voids occur 

at the interface between the martensite particles and the ferrite 

matrix although some small voids were caused by inclusions in the 

st ee 1. 

The voids that form at the ferrite/martensite interface 

during wire drawing can eventually coalesce to cause failure 

during subsequent tensile loading or at the die exit during a 

drawing step as shown in Fig. 9. Martensite particles can be 

found at the bottom of the fracture dimples in much the same way 

as inc Ius ion s. 

Fig. 10 shows the progression of the dual-phase structure as 

the strain was increased from 0 to 3. This series of specimens was 

used to determine the ratio of the strain in the martensite to, 
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the total strain of the wire. The results of this experiment are 

shown in Table 4. The initial microstructure was produced by a 

double heat treatment modified by cold working the martensite 

prior to t"o phase annealing. This produces a more equiaxed 

structure than the conventional double heat treatment, thus sim

plifying the strain measurements. The particles were found to 

fall into three basic groups: 1) small, nearly equiaxed parti

cles approximately 2 ~ in size, 2) acicular particles 2-3 ~ 

wide and 5-10 ~ long and 3) large, nearly equiaxed particles up 

to 30 ~ in diameter. There were also some irregularly shaped 

particles apparently made up of smaller particles which had 

impinged upon each other during t"o phase annealing. The parti

cles in groups 1 and 3 were found to have an aspect ratio of 

approximately 1.6. This value is a 10" estimate since particles 

"ith their major axis not lying in the section plane appear to 

have a smaller aspect ratio, thus reducing their contribution to 

the average aspect ratio. The extreme case is a particle whose 

major axis is perpendicular to the section plane, which in this 

case would appear to have an aspect ratio very close to one in 

t"o dimensions. 

After drawing to a true strain of 1. all of the particles 

were aligned with the wire axis. Some voids were beginning to 

form at the ferrite/martensite interfaces. Many of the smaller 

particles were still equiaxed, indicating that they had not begun 

to deform at this point. Those small particles that appear to 

have elongated along the wire axis were initially acicular and 

have simply rotated to align themselves along the wire axis 
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yithout deforming. The large particles had an aspect ratio of 

3~ yhich becomes 2.2 yhen corrected for the initial aspect ratio 

of these particles. The strain corresponding to this aspect 

ratio is 0.52 yhich gives a martensite strain ratio of 0.52 at a 

yire strain of 1. This says that the martensite deforms only 

half as much as the bulk yire. The smaller equiaxed particles 

began deforming at a strain of 3 and had a strain ratio of 0.11 

at this point. The small acicular particles are closer to ideal 

fibers and presumably began to deform earlier since they are 

loaded more efficiently. Hoyever, it is difficult to separate 

the initial aspect ratio from strain and the point at yhich the 

small acicular particles began to deform could not be determined. 

The deformation at a strain of 3 yas too severe to determine the 

aspect ratio of the large particles. 

Fig. lOb shoys two examples of non-metallic inclusions found 

in alloy S. The inclusion marked A has caused a void to form in 

the martensite phase, yhereas the inclusion marked B did not 

cause a void to form in the ferrite matrix in yhich it lies. 

These vacuum melted experimental steels are generally clean and 

as mentioned earlier, the voids that they do cause are much 

smaller than those associated yith the martensite particles. 

Hoyever, they are more important in a steel yith a loy void 

density such as the martensitic specimen. An EnS analysis of 

these inclusions shoyed that they are titanium rich. Since there 

yas no titanium in the nominal composition of these steels, the 

inclusions must be contamination from a previous heat. 

When the drayn yires are observed in the transmission elec-
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tron microscope (Fig. 11), one can see the fine cell structure 

that develops in the ferrite. An example of a non-deforming 

martensite particle is shown in Fig. 12. The highly deformed 

ferrite flows around the martensite and develops a fine cell 

structure. Although the martensite is heavily dislocated from 

the martensitic transformation, it is not deforming and shows no 

sign of cell formation at this point. Fig. 13 is a transverse 

section of another non-deforming martensite particle in a highly 

deformed ferrite matrix. 

Fig. 14 shows the strong [110] W1re texture that developed in 

this BCC wire. The wavy structure that results from this texture 

can be seen at low strains in the optical microscope (Fig. 15) or 

at higher strains in the transmission electron microscope (Fig. 

16) • 

3.2 Properties 

3.2.1 Initial Propert ies 

The tensile properties of the as-heat treated steels are 

summarized in Table 5. A look at the yield and tensile strengths 

for alloy SV shows that they follow the law of mixtures for dual

phase steels, increasing for higher volume fractions of marten

site. The vanadium addition did not cause a decrease in strength 

for higher volume fractions as observed in some steels containing 

niobium [25-27]. The ductility generally increased as the 

strength decreased except in the case of the double heat treated 

manganese containing alloy which had poorer properties overall 

than the rest of the specimens. 
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3.2.2 Drawing Properties 

Table 6 gives the drawability rankings for the different 

specimens based on the maximum strain before repeated breakage 

occurred at the die exit. A comparison of the three double heat 

treated alloy SV specimens shows that the drawing limit decreased 

for higher volume fractions of martensite. The important role of 

the other morphological factors is shown by the high drawing 

limit of the martensitic specimen and by the low drawability of 

the manganese steel and the single heat treated steel. 

3.3.2 As-Drawn Propert ies 

The increase in Vickers hardness as a function of true 

drawing strain is plotted in Fig. 17 for different volume frac

tions of martensite in the SV alloy given the double heat treat

ment (including the single heat treated martensitic specimen). 

The hardness in the as-heat treated condition increased as the 

volume fraction of martensite increased. consistent with the law 

of mixtures. The hardness difference between the specimens gene

rally remained the same throughout the range of the plot. This 

shows that the hardness increase as a function of strain is 

almost the same even though the martensite volume fractions cover 

a w ide rang e. 

Table 7 lists the ultimate tensile strengths of the drawn 

wires at a strain of 3.6. The Vickers hardness numbers are also 

listed for comparison. The results indicate that there is not as 

much difference in the strengths as suggested by the wide range 

in hardness values. As will be discussed later in section 4~. 
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the strength va1nes do not even follow the same trend as the 

hardness va1nes. The yield strengths were essentially the same 

as the tensile strengths and there was no measurable reduction in 

area in this un-stress relieved condition. 

3.3 Effect of Processing 

3.3.1 Quench Rate After Two Phase Annealing 

A very good quench after two phase annealing is necessary to 

produce the desirable duplex ferrite/lath martensite microstruc

ture. Slow or delayed quenching can cause significant shrinkage 

of the austenite pool prior to its transformation to martensite. 

One possible consequence of this is shown in Fig.1S. This 

transmission electron micrograph of the ferrite/martensite inter

face shows a region of microtwinned martensite at the edge of a 

predominantly lath martensite particle. The presence of the 

microtwinned substructure indicates that this martensite has a 

higher carbon content than the rest of the particle and thus 

formed from austenite enriched in carbon as the austenite pool 

shrank during the poor quench. The ferrite region adjacent to 

the interface is presumably the new ferrite or epitaxial ferrite 

that formed behind the moving r/a interface [49.50]. The example 

shown in Fig. 19 is not as common. but is much more severe. In 

this transmission electron micrograph. some of the austenite has 

transformed to ferrite and carbide during a poor quench. The 

effect of quench rates will be discussed further in section 

4.5.2. 



25 

3.3.2 Dray ing Schedule 

The four most important wire draYing parameters are the 

dray ing schedule. i.e. the amount of reduct ion in area per pa s s, 

the draYing speed, the die cone angle, and the coefficient of 

friction. The drawing schedule could be changed through by

passing dies to increase the reduction in area per pass and the 

dray ing speed could be varied in the early stages over a small 

range. There was little or no control of the die cone angle nor 

the coefficient of friction. DraYing was always done in the same 

direction since pass reversal results in poorer properties and 

higher residual stresses [51J. 

Three different schedules were used: one yith small reduc

tions per pass (3-9"), one with large reductions (37.,), and one 

that gradually decreased from 32., to 21~ reduction per pass. In 

all cases, the the steel was alloy SV double heat treated to 36% 

martensite with an initial diameter of 0.22 inch (5.5 JIm). 

The maximum draYing strain obtained with the small reduc

tions per pass was 1.2. The light passes resulted in central 

bursting as shown in the composite Fig. 20. This wire was drawn 

on an Instron machine and the load fluctuations characteristic of 

central bursting were detected by the load cell at a strain of 

only 0.9. The bursts and the load fluctuations grew during 

subsequent passes until the cracks reached critical size at a 

strain of 1.2 and caused failure at the die exit. 

DraYing Yith larger reductions of 37% eliminated the 

central burst problem and resulted in a maximum draYing strain of 

3.6. In this case, the larger reductions resulted in a larger 
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caused premature failure through increased internal damage. 
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The graduated schedule had a moderately high reduction of 

32~ per pass in the early stages where central bursting is a 

greater problem and gradually decreased to 21~ per pass to reduce 

the drawing load while remaining in a region which is apparently 

safe from central bursting for this material. This resulted in a 

maximum drawing strain of 6.3 or a total reduction in area of 

99.~. 

3.3.3 Draw ing Speed 

A comparison was made between drawing at 1.2 inches/minute 

(31 mm/ sec) and 4 inches/minute (103 mm/ sec). In this study. the 

steel was the SV alloy double heat treated to 18~ martensite. 

The wire was drawn in four passess of 32-37% reduction per pass 

from 0.220 inch (5.5 mil) to 0.0907 inch (2.3 Dlm) in diameter. As 

reported in Table 8. the high drawing speed caused a general 

deterioration of the properties. Tests at lower speeds done on 

the Instron machine showed that the drawing loads also increased 

significantly as the drawing speed was increased. 

3.3.4 Stress Relief 

The cold worked wires have a large amount of internal stress 

both on a microscopic scale from the large amount of deformation. 

and on a macroscopic scale from the inhomogeneities in the wire 

drawing process. This residual stress takes the form of longitu

dinal compression on the surface and longitudinal tension in the 
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interior as well as radial and tangential stresses [51]. This is 

a major factor in the brittle tensile behavior of the as-drawn 

wires. A double heat treated SV alloy specimen was drawn from a 

diameter of 0.220 inch (5.5 mm) to 0.037 inch (0.93 mm) in eight 

passes and stress relieved at 400 C for 3 minutes which is simi

lar to industrial practice for patent wire. The specimens were 

tested in tension and in torsion in the stress relieved and un

stress relieved condition. As shown in Table 9, the stress 

relief provided significant gains in torsional ductility and 

reduction in area without much loss in tensile strength. A 

photograph of the specimens after the torsion test (Fig. 21) 

shows the effect on the deformation behavior with the un-stress 

relieved spec imen splitt ing into fibers (Fig. 21a) rather than 

shearing uniformly as in the stress relieved case, (Fig. 21b). 

As shown in Fig. 22, the fracture surface of the stress relieved 

specimen tested in torsion has a ductile dimple appearance. 
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4. DISCUSSION 

4.1 Vo id Forma t ion 

There is a tendency for the harder, stronger phase of a 

composite to deform less than the softer phase. The results of 

section 3.1.2 ahow that the large martensite particles deformed 

approximately half as much as the bulk wire (true strain) and 

smaller particles deformed one tenth as much. This is a large 

difference in strain and that difference which could not be 

accommodated by the ferrite resulted in the formation of voids. 

The area density of the resulting voids varied greatly among the 

different structures studied. 

As shown in Table 3, the void density was highest for the SV 

alloy annealed at 850 C and decreased with increasing annealing 

temperature. This is contrary to the fact that the SV DBL 850 

specimen has the lowest volume fraction of martensite and 

strength, and has the highest ductility and drawing limit of the 

three double heat treated SV dual-phase steels. However, as 

discussed previously, void formation is more strongly dependent 

on the carbon content of the martensite than on its volume frac

tion. Thus, the decrease in the void formation tendency at a 

lower volume fraction resulting from a lower annealing tempera

ture does not compensate for the increase in void formation 

tendency due to the higher carbon content. This applies to cases 

such as the present in which the bulk carbon content is held 

constant and volume fraction and carbon content of martensite are 

essentially inversely related. The higher carbon martensite has 



29 

a higher yield strenth and is less plastic than the lower carbon 

martensite and thus has more stored elastic energy to satisfy the 

energy criteria for void formation. Speich attributed the 

increase in void formation at higher volume fractions to the 

decrease in the interpart icle spacing. i.e •• more nucleation 

sites. However, in this study. the higher volume fractions were 

derived from larger martensite particles and the number of mar

tensite particles may have even been lower due to particle im

pingement and coalescence. This reduced the effect of volume 

fract ion even further. 

The other extreme is the lIlartensit ic spec imen. In this 

case. the microstructure was homogeneous on a macroscopic scale. 

The only inhomogeneities on a microscopic scale were the inter

lath retained austenite films which are ductile and coherent with 

the martensite. Thus. the void density was very low with most of 

the voids resulting from non-metallic inclusions. 

There are several reasons why the void density was higher in 

the single heat treated specimen than in its double heat treated 

counterpart. The volume fraction and hardness of the martensite 

is essentially the same since they are the same alloy annealed at 

the same temperature. The differences in the microstructures are 

in the shape of the martensite particles, their interface with 

the ferrite matrix and their location with respect to ferrite 

grain boundaries. The martensite particles in the double heat 

treated steel are acicular. whereas those in the single heat 

treated are roughly equiaxed. The acicular shape gives them 

better fiber loading, thus 10Yering the void density. In addi-
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tion. the martensite is usually close to the same orientation as 

the ferrite and does not lie on ferrite-ferrite grain boundaries. 

These low angle boundaries tend to have loyer interfacial energy 

[52]. As discussed earlier. this decreased the void formation 

tendency. The structure of the double heat treated steel will be 

discussed in more detail in section 4.5. 

4.2 Drawing Limit 

The drawing limit of dual-phase steel is very important 

since the a large part of the strength of the wire results from 

the cold drawing. A comparison of Tables 3 and 6 shows that 

there is no general correlation of the drawing limit with the 

void density. The only trend exists for the three double heat 

treated alloy SV specimens. Among these specimens. there is a 

direct relation between the void density and drawing limit. 

Unfortunately. this means that the specimen with the highest 

drawing limit. SV DBL 850. has the most voids as mentioned in the 

previous section. This may be due to the fact that the volume 

fraction of the ductile ferrite matrix is highest in this case. 

Voids that form under uniaxial stress conditions will tend to 

elongate only in the tensile direction without coalescing and 

without any detrimental effect on the strength [53]. Thus. the 

ferrite phase can continue to deform without further fracture. 

Voids that form under triaxial stress conditions such as those 

found in the neck. of a tensile test specimen will tend to grow 

also in the transverse direction and eventually coalesce. resul

ting in failure of the material. The conditions in the die 
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during wire drawing are not exactly'uniaxial, but the ferrite 

phase still fractures in a ductile manner on a microscopic scale 

even at the drawing limit of the wire (Fig. 9). In the high~r 

volume fraction specimens. there is less ferrite and the voids 

cause the wire to fail as soon as the ductility of the martensite 

is exhausted. 

The drawability is not a simple function of the ductility of 

the wire. Each draft is a test of the breaking strength of the 

wire at the exit of the die against the drawing load (mainly the 

resistance of the wire to deformation). The ferrite in the low 

martensite volume fraction specimen must bear the load of deform

ing the composite of ferrite + voids + small martensite parti

cles. whereas the specimens with the higher volume fraction are 

weakened by the voids and must bear the load of deforming a 

harder material with much larger martensite particles. 

The difference between the drawing limits of the single and 

the double heat treated alloy SV specimens cannot be attributed 

solely to the difference in the void density at a strain of 3.6. 

However. the same factors that caused the higher void density in 

the single heat treated specimen. i.e. high angle interfaces and 

matrix grain boundaries. allowed for increased void growth. Also. 

as shown in Table 7. the hardness of the single heat treated 

specimen was higher than that of the double heat treated specimen 

at this point. Thus. the same case of a wire with a lower 

tensile strength pulling a wire that is harder to deform through 

the die applies. 

The case of the manganese steel is a little different since 
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it was double heat treated. However. as mentioned in section 

3.1.1. the major difference between the double heat treated 

silicon and manganese containing specimens in the as-heat treated 

condition was the presence of the large. interconnected grain 

boundary allotriomorphs and idiomorphs in the latter. The first 

factor is that these martensite particles are preferential void 

nucleation sites since they are at the prior austenite grain 

boundaries. Also. their close proximity to each other increases 

their void formation tendency further [37.39.40]. Once voids 

nucleated at these sites. they could easily coalesce since they 

form a continuous network with no ductile ferrite to bear any 

load. 

4.3 Mechanical Properties of Wire 

The hardness of a material will generally increase as it is 

drawn to higher strains. However. as shown in Fig. 17. the 

hardness of the wire drawn from the SV alloy double heat treated 

at 850 C and 950 C decreased after a maximum at a true strain of 

5.4. This decrease in ha.rdness may have been due in part to 

dynamic recovery. As discussed previously. the cementite parti

cles are responsible for retarding dynamic recovery in the fer

rite of drawn pearlite. The lower volume fraction of martensite 

in these specimens results in a higher volume fraction of ferrite 

with a larger mean free path between martensite particles. In

ternal damage in the form of voids may have also been a factor in 

the decrease in hardness. The two specimens that had this beha

vior also had the highest void density (Table 3) of those plot-
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ted in Fig. 17. The mechanical fibering and loss of ductility in 

some of the wires caused a few of the specimens to fracture 

during indentation with the 1 kg load. Although these fractures 

were easily detected allowing the tests to be rejected, more 

subtle microcracking could occur to give low hardness values. 

The effect of overdrafting can also be seen in the tensile 

strengths of the drawn wires (Table 7). Among the double heat 

treated SV alloy specimens, SV DBL 850, SV DBL 950 and SV DBL 

1000, the SV DBL 1000 had the lowest strength even though it had 

the highest hardness. This is mainly because of the brittle 

behavior of the wires in this un-stress relieved condition. The 

hardness of the SV DBL 1000 specimen could not be fully utilized 

during the tensile test since brittle fracture occurred before 

yielding. As mentioned in the previous section, the ferrite in 

the lower martensite volume fraction specimens was still ductile 

on a microscopic scale. 

An important processing variable discussed in section 3.3.3 

is the drawing speed. There are three main effects of increasing 

the drawing speed. The first is the increase in the strain rate. 

The second is a possible break down of the lubrication and the 

third is the reduction in the time for heat dissipation which 

leads to higher wire and die temperatures. The result of the 

first two effects was the observed increase in the drawing load.· 

This lead to increased internal damage to the wire since the 

drawn wire at the exit of the die had to bear the heavier drawing 

load. This can lead to decreased strength and ductility as 

discussed previously. The increased heating of the wire has a 
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greater effect on the temperature of the wire as it exits the die 

rather than on the wire as it is being deformed. Thus it will 

not tend to decrease the drawing load •. It will. however. 

increase the amount of dynamic recovery which will cause a fur

ther decrease in the strength of the wire. 

4.4 Central Burst 

When light pass reductions were taken. the wire failed after 

a very small total strain because of central bursting. The 

tendency for this metal working defect to occur increases as the 

pass reduction and the strain hardening of the material decrease. 

and as the die angle and coefficient of friction increase. The 

metal flow during wire drawing can be divided into three velocity 

fields. The velocity of the metal in the plastic zone gradually 

increases from that of the ·large inlet wire to that of the faster 

moving outlet wire. If the conditions conducive to central 

bursting exist. then the velocity fields take on the configura

tion shown in Fig. 23. The depth of deformation zone is too 

shallow and the center of the wire remains rigid. Since it is 

rigid. it cannot accomodate the incompatibility between the rigid 

inlet and the faster moving rigid outlet wire so it fractures. 

causing a burst to form. This relieves the incompatibility and 

allows sound metal flow to resume with uniform plastic deforma

tion occurring between the two rigid zones. Eventually. the 

plastic zone narrows again to create another burst and the pro

cess repeats itself. The cyclic nature of central bursting 

manifests itself in the form of a fluctuating drawing load and 
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speed. The load is at a minimum and the speed is at a maximum 

when the burst is exiting the die. This fluctuation was detected 

several passes before the final failure of the wire occurred. 

Once central burst failure was identified as the cause of 

premature failure during drawing with light reductions. it was 

necessary to determine amount of reduction necessary to avoid 

this problem. Avitzur presented empirical criteria for the cri-

tical reduction [54]. According to his diagram. a semi-die angle 

o 
of 6 and a friction coefficient of 0.1 requires at least 37~ 

reduction per pass to be safe from central bursting. This is a 

conservative value that guarantees that central bursting will not 

occur. but is not necessarily the minimum value needed. especial-

ly for ductile and high strain hardening materials. 

The upper limit in the reduction per pass is the point where 

the drawing load exceeds the breaking strength of the wire at the 

exit of the die. This is given by Caddell [55] as: 

r = 1 - e~(n+1) 
max 

where ~ is the efficiency of the drawing process taking into 

account friction and redundant work. and n is the strain 

hardening exponent. This value is usually in the range of 0.20 

[21.24] to 0~5 [21] for dual-phase steel. Thus. a theoretical 

maximum reduction per pass is 74~. However. this value is 

greatly reduced by ~ in actual processes and applies only to the 

first pass since the value of n decreases with strain [24]. 

An analytical approach to the critical reduction per pass is 
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to determine the homogeneity of the deformation by calculating 

the deformation ratio A. This ratio is given by: 

A = HIL 

where Hand L are the characteristic height and length 

respectively of the deformation geometry. For wire drawing, this 

ratio is given by [56]: 

= 0.1 r [ 1 + J l-r ] s 

where 

a. is the sem i-die angle in radians, do is the diameter of the 

wire entering the die, and d1 is the diameter of the wire exiting 

the die. Homogenous deformation is defined by a ratio of 1 or 

less and a ratio of 2 or greater produces very inhomogenous 

deformation [57]. According to this criterion, a semi-die angle 

o 
of 6 requires 34~ reduction to give a A of 1. 

Thus, a conservative empirical approach gives 37~ reduction 

per pass as the minimum to avoid central burst and an analytical 

approach yields 34~ reduction per pass. As mentioned in section 

3.3.2, the conservative value of 37~ was too high and an 

empirically derived schedule was eventually used. 

4.5 Double Heat Treatment 

As shown earlier, the double heat treated steels containing 
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silicon were far superior to the single heat treated dual phase 

steel. The purpose of this section is to discuss the reasons for 

their superiority and the critical processing factors for correctly 

obta ining this structure. 

4.5.1 Structure 

In addition to the shape of the martensite particles in the 

double heat treated steel~ the crystallography of the structure 

is an important feature. As shown in Fig. 6~ the martensite 

particles generally have the same crystallographic orientation as 

the surrounding ferrite matrix~ (111) in this case. This 

memory effect [58] has been shown to be detrimental to fracture 

toughness [58] and impact toughness [59] in steels given a heat 

treatment similar to the double heat treatment used in this 

investigation. This was attributed to the continuity of the 

(100) cleavage planes across the ferrite/martensite interface. 

The memory effect and its consequences can be explained with 

the aid of Fig. 24. These two optical micrographs follow the 

microstructural changes of alloy S during a double heat treatment 

cycle. Fig. 24a shows the martensitic structure after austeniti

zing at 1150 C for 1 hour followed by a rapid iced brine quench. 

A single martensite packet comprises most of the figure. The 

martensite laths within the same packet are generally aligned in 

the same direction and usually have close to the same crystallo

graphic orientation [60]. Upon two phase annealing~ the aus

tenite nucleates and grows at the lath boundaries to form the 

structure shown in Fig. 24b taken from the same area as Fig. 24a. 
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Because of the necessary re-polishing and etching. there is a 

small change in the section plane and resulting slight changes in 

the location and shape of the packets. However. it is easy to 

see that the alignment of the laths is retained in the orienta

tion of the acicular martensite particles. 

The memory effect is that the austenite formed during two 

phase annealing has a strong tendency to transform back to the 

same variant of Bee as the original martensite [58] which by this 

point has recovered to form the ferrite .atrix. The alignment of 

the martensite particles and the crystallographic orientation of 

both the martensite and the ferrite is the same within a prior 

packet. Thus. a cleavage crack would pass straight through a 

prior packet and change its direction only at prior packet boun

daries or at prior austenite grain boundaries resulting in poor 

toughness [58]. 

Void formation. however should be more difficult at the loy 

angle ferrite/martensite interface than at the high angle fer

rite/martensite boundary found around a martensite particle in 

the single heat treated microstructure. This is because a low 

angle boundary is generally of loyer energy than a high angle 

boundary [52] and as mentioned earlier. the interfacial energy 

has a very strong influence on void formation. Koo has shown 

that in some cases. this interface can be coherent. thus reducing 

the energy further [61]. 

The ferrite/martensite interface in the single heat treated 

specimen is generally of high angle at least part way around the 

martensite particles because the particles generally lie on fer-
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rite grain boundaries or at grain junctions. Thus, the marten

site particle can have a low angle interface with at most one of 

the ferrite grains and must have high angle boundaries with the 

rest. 

In some cases, the 2~ silicon steels have martensite 

particles lying on prior austenite grain boundaries. However, as 

discussed earlier, this problem is not as severe as in the 

manganese containing steel. 

4.5.2 Processing 

Once it was determined that the best duplex structure 

consists of acicular martensite particles in a ferrite matrix of 

the same orientation, it was of interest to determine how this 

structure can be produced and to determine the critical 

proc e ssing factors. 

The double heat treatment is obviously necessary since the 

first heat treatment provides the regions of similar orientation 

and laths to produce the acicular structure. It has been shown 

that the amount and type of substitutional alloying element plays 

and important role in determining whether or not austenite pools 

(eventually martensite particles) form at prior austenite grain 

boundaries [13,62]. Koo [13] found that silicon was necessary to 

prevent this. However, as found in this investigation, this is 

not sufficient. 

A specimen of large surface to volume ratio, such as a thin 

rod being prepared for wire drawing, will tend to have large 

amounts of martensite at the prior austenite grain boundaries 
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This is shown in Fig. 25a which is an optical micrograph of alloy 

SV heat treated in the form of a 0.125 inch (3.2 mm) diameter 

rod. The martensite particles are also coarser and less,acicular 

than those in a 0.250 inch (6.4 mm) diameter spec imen (e.g. Fig. 

4b). The large surface to volume ratio increases both the 

heating rates and both cooling rates during the heat treatment 

cycle [63]. Thus, it was necessary to determine which of the 

four heating/cooling rates was affecting the morphology. 

The specimen in Fig. 25b was heat treated in the form of a 0.5 

inch (13 mm) cube having a surface to volume ratio approximately 

one third that of the 0.125 inch diameter rod, slowing down the 

heat transfer considerably. The heating rate to the austeni

tizing temperature of 1150 C has at most a slight effect on the 

prior austenite grain size. The cooling rate from the two phase 

annealing temperature affects the shape, size and volume fraction 

of the martensite particles through austenite pool shrinkage 

prior to transformation to martensite as described earlier in 

section 3.3.1. This can be seen by comparing the martensite 

particle shape in Fig. 2Sa and Fig. 25b. Slowing the cooling 

rate from two phase changes the martensite particle boundaries 

from generally convex to generally planar or concave. However, 

while the heating rate to austenite and cooling rate from two 

phase are important for other reasons, they do not affect the 

location of the austenite pools/martensite particles. This 

leaves the heating rate to the two phase annealing temperature 

and the cooling rate from the austenitizing temperature as the 

possible critical factors. 
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It is well established that the primary heterogeneous 

nucleation sites of austenite in a lath martensitic structure are 

the prior austenite grain boundaries and the lath boundaries 

[62,64]. In order that the heating rate to the annealing temper

ature can be a critical factor, the following must be true. 

First of all, the martensite lath boundaries must be stronger 

austenite nucleation sites than the prior austenite grain bounda

ries in these steels. This is not impossible since the retained 

austenite at the lath boundaries and the boundaries themselves 

provide a high solute level and structural imperfection respecti

vely for heterogeneous nucleation. In this case, a slow heating 

rate would provide a small superheat and thus a smaller driving 

force for nucleation of austenite. This would allow nucleation 

only at the more favorable lath boundary sites. The slow heating 

would allow time for these austenite pools to grow and to consume 

the carbon in the matrix, thus preventing nucleation and growth 

of the grain boundary austenite pools. The effect of a high 

heating rate would be to increase the driving force for nuclea

tion, thus allowing austenite nucleation and growth at both 

sites. 

Unfortunately, this explanation is not supported by experi

mental observations. Fig. 26 shows the effect of the heating 

rate to the two phase annealing temperature. Both of the speci

mens were 0.125 inch (3.2 mm) diameter rods austenitized and 

quenched the same way. and quenched from the annealing tempera

ture the same way. The specimen in Fig. 26a was heated at 140 

Clsec in molten tin and the specimen in Fig. 26b was insulated by 
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a 2 inch (51 mm) diameter steel bar to give a heating rate 6f 

0.38 C/sec. This is compared to a heating rate of approximately 

12 C/sec for the specimen in Fig. 25a. The only significant 

difference in the microstructures is the finer size and lower 

volume fraction of the martensite particles in Fig. 26a because 

of the higher nucleation rate at the laths and the reduced growth 

at the lower annealing temperature (approximately 900 C compared 

to 950 C). Both micrographs show a large amount of grain bounda

ry allotriomorphs indicating that the heating rate to the two 

phase region had no effect on this feature. This leaves the 

cooling rate from the austenite phase field as the critical 

factor in the formation of grain boundary allotriomorphs. 

Fig. 27a shows the effect of the quench rate from the auste

nitizing temperature on the subsequent two phase morphology. 

This specimen was austenitized and quenched in the form of a 0.5 

inch (13 lIlm) cube and cut into a 0.125 inch (3.2 lIlm) thick slic e 

prior to two phase annealing and quenching. There are martensite 

particles on prior austenite grain boundaries. but the structure 

is very similar to that of the bulk specimen Fig. 25b except for 

the reduced pool shrinkage and the resulting higher volume frac

tion of lIlartensite and convex interfaces. A similar structure 

can be obtained in a 0.125 inch (3.2 mm) diameter rod by oil 

quenching after austenitizing and rapid quenching after two phase 

annealing. 

As suggested by Koo [64]. this effect is most likely the 

result of silicon segregation to the prior austenite grain boun

daries where the repulsive interaction between the silicon and 
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carbon atoms [65] would prevent the nucleation of austenite at 

these sites. However. he concluded that the silicon segregation 

occu~red during solution treating which does not account for the 

observed influence of the cooling rate. Another possible expla

nation would be that the silicon segregates during cooling from 

austenite. Silicon is known to be one of the many elements that 

segregate to grain boundaries to cause temper embrittlement. 

Although this phenomenon is usually associated with tempering of 

alloy steels in the range of 500-650 C. it can also occur when 

the steels are continuously cooled through this range [66]. 

Since some reaction rates are generally faster in low alloy 

steels such as the present. it is possible that the slow quench 

used provides enough time for silicon segregation during a poor 

quench and not during a good quench on a specimen with a high 

surface to volume ratio. 

Another possible contributing factor is the formation of a 

small amount of proeutectoid ferrite during the quench. Careful 

microstructural examination by Koo [64] showed that this is not a 

major factor in the prevention of austenite nucleation at grain 

boundaries. however. as shown in Fig. 27b. it does occur on 

occasion in larger specimens. 

Another important processing parameter is the amount of cold 

work put into the material between the two thermal treatments. 

Le. between the quench to martensite and two phase annealing. 

This cold work could be either intentional or a consequence of 

handling and/or coiling of the rods. 

Fig. 28a shows the structure of a 0.125 inch (3.2 mm) 
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diameter rod of alloy S heat treated without cold work. This 

structure is identical to that of alloy SV when heated in the 

form of a thin rod as described earlier. Cold working the 

martensitic rod 5% by wire drawing prior to two phase annealing 

breaks up the martensite particles. Prior packets are still 

easily identified. however. the beneficial acicular morphology is 

degraded. Cold working 10~ almost eliminates the acicular 

particles resulting in a rather uniform distribution of nearly 

equiaxed part ic Ie s. 

Therefore. cold working between heat treatments should be 

avoided unless the specific application requires equiaxed parti

cles as in the martensite strain ratio experiment (section 

3.3.2). A. typical coiling process. e.g •• a 0.219 inch (5.5 mm) 

diameter rod coiled into a 36 inch (0 •. 9 m) diameter. produces a 

maximum strain of 0.6~ and should not pose any problem. 

There are several possibilites for the mechanism of change 

from acicular to equiaxed. The requirements for the formation 

of acicular martensite particles are nucleation of austenite at 

the lath boundaries and growth along these boundaries before the 

boundary migrates [62]. The removal of any of these factors is 

sufficient to cause equiaxed particles to form. The cold work 

could possibly. 1) introduce nucleation sites other than the lath 

boundaries. 2) break up or displace the boundaries to disrupt 

growth along these boundaries. or 3) promote migration of these 

boundaries. 
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4.6 Opt imum Design 

This section describes what is thought to be the optimum 

design of a heat treated dual phase steel for drawing to produce 

high-strength wire. Based on the data in Table 7, alloy S double 

heat treated at 950 C has the most promising properties. It has 

the same drawability as the martensitic specimen and the SV alloy 

double heat treated at the same temperature and has a higher 

tensile strength than both. It is also attractive from an econo

m1C point of view since it does not contain vanadium. 

The results of Table 7 show that a decrease in the volume 

fraction of martensite does not reduce the strength of the wire 

drawn to a strain of 3.6. However, it does cause a significant 

1ncrease in the drawability of the wire. When the decrease in 

volume fraction is accomplished through use of a lower annealing 

temperature, the carbon content of the martensite increases, 

leading to an increase in the void density as discussed in sec-

tion 4.1. Thus, it is recommended that a lower carbon content be 

used, Le., in the range of 0.06 to 0.08 wt.%. This will improve 

the overall drawability-ductility-strength combinations of the wire. 

The first quench should be a moderately fast quench, such as 

a very rapid oil quench or a poor water quench, to prevent the 

formation of grain boundary martensite particles. The second 

quench should be as rapid a quench as possible, such as an agi

tated iced brine quench on a specimen with a high surface to 

volume ratio, to reduce austenite pool shrinkage. 

The drawing schedule should have at least 22% reduction in 

area per pass to avoid central bursting and the reductions should 
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not be so high as to overload the drawn wire. The drawing should 

always be done in the same direction. A very low drawing speed 

such as on a tensile test machine is ideal. however this is not 

practical and so the lowest speed on the drawing machine should 

be used. The best dies and lubricant should be used to minimize 

drawing load. frictional heating. and damage to the wire. The 

results of section 3.3.4 shoy that stress relief at 400 C for 3 

minutes is essential. 
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S. CONCLUSIONS 

Based on the results of this research on the microstructure

mechanical property relationships of dual phase steel and wire 

drawn from dua1-phase steel. the following conclusions were made: 

1. Dua1-phase steel has promise as a starting material for 

drawing into high strength wire. 

2. The Fe-2Si-0.lC alloy modified to 0.06-o.08C is the most 

promising. 

3. A double heat treatment consisting of quenching from 

austenite to martensite followed by intercritical annealing 

and quenching should be used. The annealing temperature 

should be adjusted to yield 25-30 vo1.~ martensite in the 

final microstructure. 

4. The formation of grain boundary a110triomorphs is avoided by 

using a moderately fast first quench in the double heat 

treatment schedule. 

5. The second quench should be as rapid as possible to reduce 

austenite pool shrinkage and the resulting carbon segregation. 

6. 

7. 

Stress relief after drawing provides a substantial increase 

in ductility. 

The martensite deforms much less than the ferrite with large 

martensite particles deforming more than small particles. 

8. Void formation during wire drawing occurs in all of the dual-

phase microstructures studied and can be correlated with dif

ferences in their drawabiltiy and mechanical properties. 
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Table 1. Alloy Compositions 

Element (1ft .~) 
Alloy 

Designation 
C 8i P 8 Al V Fe 

8V 0.10 1.74 0.009 0.005 <0.005 0.01 0.09 bal. 

8 0.09 2.01 0.009 0.005 <0.005 0.01 bal. 

M 0.10 1.55 0.005 0.003 0.02 bal. 



54 

Table 2. Martensite Volume Fractions 

Alloy Heat Annealing Volume percent .. e in 
Treatment Temperature (e) Mart ens it e Martensite-

SV Double 850 14 ± 4 0.71 

950 28 ± 8 0.36 

960 36 ± 6 0.28 

1000 53 + 12 0.19 

1050 94 ± 3 0.11 

SV Single 950 27 ± 8 0.37 

1150 100 0.10 

S Double 950 36 ± 7 0.28 

M Double 757 27 ± 9 0.37 

- Estimated from the volume fraction and bulk carbon content. 



Table 3. Void Density at 8 = 3.6 

Spec imen 

SV DBL 8S0 

SV DBL 950 

SV DBL 1000 

SV SING 1150 

SV SING 950 

VOids/mm2 

1400 

240 

83 

62 

360 

S5 
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Table 4. Martensite Strain Ratio 

Small Particles Large Particles 
Total Total (2 - 10 JIlII) (10 - 30 JIlII) 

Wire Wire 
Strain Aspect 

Ratio Aspect Strain eMS Aspect Strain eMS 
Ratio e 2T Ratio e --q 

0 0 1.6 0 0 1.6 0 0 
(1.0)· (1.0) 

1.01 4.5 -1.6 0 0 3.5 0.52 0.52 
(0) (2.2) 

1.94 18 -1.6 0 0 7.5 1.03 0.53 
(0) (4.7) 

3.01 96 2.6 0.32 0.11 •• 
(1.6) 

• Numbers in parentheses are corrected for the inital aspect 
ratio of the particles • 

•• Too large to measure. 
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Table S. Tensile Test Summary (As Heat Treated) 

Spec imen Yield Tensile Elongation ~~2 RA 
ksi (!(Fa) ksi (MFa) Uniform Total (I$,) 

SV DBL 850 74 .:t 1 113 .:t 1 13 2S SO 
(S10 .:t 7) (780 .:t 7) .:to.S .:t1. 1 .:t2 

SV DBL 9S0 78 .:t 2 119 .:t 1 13 27 S6 
(S40 .:t 8) (820 .:t 8) .:to.2 .:to.4 .:t1 

SV DBL 1000 93 .:t 3 128 .:t 1 10 22 S7 
(640 .:t 15) (880 .:t 8) .:t1.7 .:t3.3 .:t2 

SV SING 9S0 94 .:t 4 130 .:t 2 10 18 39 
(6S0 .:t 28) (900 .:t 11) .:to.S .:to.7 .:t1 

SV SING 1150 143 .:t 2 167 .:t 2 S 17 64 
(1000 .:t 20) (1150 .:t 13) .:to.2 .:tl. 8 .:t4 

S DBL 950 77 .:t 1 120 .:t 2 14 2S Sl 
(S30 .:t 8) (830 .:t 15) .:to.2 .:to.S .:t3 

}I DBL 757 63 .:t 3 100 .:t 1 13 21 39 
(430 .:t 18) (690 .:t 10) .:tl. S .:t1.7 .:t1 
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Table 6. Drawability Ranking 

Minimum Maximum Volume 
Rank Specimen Diameter Strain Vickers Percent 

(in) Hardness Martensite 

1 SV DBL 850 <0.0095 >6.1 499 .± 9* 14 .± 4 

2 SV DBL 950 0.0095 6.1 547 .± 6* 28 .± 8 

2 SV SING 1150 0.0095 6.1 651 .± 6 100 

2 S DBL 950 0.0095 6.1 580 .± 7 36 .± 7 

3 S DBL 1000 0.0136 5.4 577 .± 11 53 .± 12 

4 SV SING 950 0.0330 3.6 500 .± 7 27 .± 8 

5 }f DBL 9S0 0.0370 3.4 438 .± 11 27 .± 9 

* Maximum hardness at d = 0.0136 in. 8 = 5.4. 
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Table 7. Mechanical Properties of Drawn Wire at a = 3.6 

Vickers Hardness Tensile Strength 
Spec imen 

1000g load 
ksi JlPa 

SV DBL 850 461± 10 279 ± 5 1920 ± 34 

SV DBL 950 460 ± 8 276 ± 9 1900 ± 62 

SV DBL 1000 508 ± 7 254 ± 3 1750 ± 21 

SV SING 950 500 ± 7 • • 
SV SING 1150 601 ± 12 292 ± 4 2010 ± 28 

S DBL 950 496 ± 10 313 ± 7 2100 ± 48 

• Not tested 



Table 8. Effect of Drawing Speed 

Mechanical Property 

Vickers Hardness 
1000g load 

Tensile Strength 
ksi (MPa) 

Reduction in Area 
( .. ) 

Low Speed 

391 .± 8 

218 .± 4 
(1S03 .± 28) 

37 .± S 

High Speed 

377 + 6 

206 .± 1 
(1420 .± 7) 

28 .± 12 

60 



Table 9. Effect of Stress Relief 

Mechanical Property 

Tensile Strength 
1:si (lIPa) 

Percent Reduction 
in Area 

Torsional Ductility 
Twist s in 4 inches 

As-Drawn 

284 (1960) 

-0 

20 

Stre ss Relieved 
400 C, 3 min. 

276 (1900) 

S4 

31 

61 
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FIGURE CAPTIONS 

Fig. 1. Stress strain curves for a Fe!Mn!Si!V!O.lC Steel with 

dua1-phase microstructures of two different martensite 

volume fractions, and with a ferrite-pear1ite micro

structure [19].· 

Fig. 2. Schematic of heat treatments. 

Fig. 3. Subsize cylindrical tensile test specimen. 

Fig. 4. Initial dua1-phase microstructures. Double heat treated 

alloy SV annealed at [a] 850 C, [b] 950 c, [c] 1000 C. 

[dl Single heat treated alloy SV, 950 C, [el Double heat 

treated alloy S, 950 C. [fl Double heat treated alloy M, 

757 C. Optical micrographs, 2~ Nita1 etch. 

Fig. 5. Transmission electron micrograph of the lath martensite 

second phase in the silicon containing alloys. 

Fig. 6. Microdiffraction of double heat treated alloy SV showing 

the orientation of a martensite particle (B) and sub 

grains of the ferrite matrix (A,C and D). 

Fig. 7. Scanning electron micrograph of the drawn structure at 

8 = 3.6. [ a 1 S V DBL 850. [b 1 S V DBL 95 O. [c] S V DBL 1000. 

[dl SV SING 950. [e] SV SING 1150. 2~ Nita1 etch. 

Fig. 8. Variation of void density with the estimated martensite 

carbon content at a strain of 3.6. 

Fig 9. Tyo surface fractograph of a draYing failure. Single 

heat treated alloy SV, 8 = 3.7, scanning electron micro

graph, polished surface etched w ith 2~ Nital. 
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Fig. 10. Deformation of martensite as a function of strain. raJ 

As-heat treated, e = O. [b] 8 = 1. [c] e = 2. [d] 8 = 3. 

Scanning electron micrographs, alloy S, 2~ Nital etch. 

Fig. 11. Transmission electron micrograph of the cell structure 

found in the ferrite at a strain of 3.7. 

Fig. 12. Transmission electron micrograph of highly deformed 

ferrite flowing around a non-deforming martensite par

ticle. 8 = 3.7, Single heat treated. 

Fig. 13. Axial transmission electron micrograph of a non

deforming martensite particle. Double heat treated alloy 

SV, 8 = 3.6. 

Fig. 14. Transmission electron micrograph of drawn dual-phase 

steel showing [110] yire texture. 8 = 3.7. 

Fig. 15. Axial section of drawn dual-phase steel. Optical micro

graph. 8 = 1.6, 2~ Nital etch. 

Fig. 16. Axial transmission electron micrograph of drawn dual

phase steel. Double heat treated alloy SV, 8 = 3.6. 

Fig. 17. Hardness as a function of strain for different volume 

fractions of martensite. Double heat treated alloy SV. 

Fig. 18. Transmission electron micrograph of the ferrite/marten

.ite interface showing a region of microtyinned marten

.ite. Single heat treated alloy S. 

Fig. 19. Transmission electron micrographs of an austenite pool 

that has partially transformed to ferrite plus carbide. 

[al Bright field. [bl. Dark field. 

Fig. 20. Composite optical micrograph of central bursting as a 

result of light reductions. 8 = 1.2, alloy SV, un-etched. 
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Fig. 21. Photograph of WLres subjected to torsional strain. [a] 

Un-stress relieved. [b] Stress relieved at 400 C. 

Fig. 22. Scanning electron micrograph of the fracture surface of 

a torsion test specimen. Alloy SV, double heat 

treatment, stress relieved at 400 C. 

Fig. 23. Schematic of the velocity fields in the WLre in the die 

under central burst conditions. 

Fig. 24. Optical micrograph showing the direct relationship 

between features in the dual-phase microstructure, [a], 

with the martensite laths and packets in the initial 

martensite microstructure, [b]. Double heat treated alloy S, 

2% Nital etch. 

Fig. 25. Optical micrographs showing the effect of specimen size/ 

heating-cooling rates on the microstructure. [a] Thin 

rod, fast heating and cooling. [b] Block specimen, slow 

heating and cooling. Alloy SV, 2% Nital etch. 

Fig. 26. Optical micrograph showing the effect of the heating 

rate to the two phase annealing temperature. [a] Very 

fast~ [b] Very slow. Alloy SV, 2% Nital etch. 

Fig. 27. Optical micrographs of specimens given a moderately rapid 

quench from austenite. [a] Subsequently two phase an

nealed and followed by rapid quench. [b] As quenched 

microstructure showing the occasional proeutectiod fer

rite at the prior austenite grain boundaries. Alloy SV, 

2% Nita I etch. 
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Fig. 28. Effect of cold york prior to tyO phase annealing in 

double heat treated alloy S. [a] No deformation. [b] S~ 

reduction. [c] 10% reduction. Optical micrographs. 2% 

Nital etch. 



120 

100 

L / 
• , " 

80 

~ l /1 
~ 60 
w 
cr: 
~ 
(J) 

40 

I I 
20 

00 10 

,-'" '1 ... 

, 

\ 

\ 
FERRITE -PEARLITE 

20 
ELONGATION (%) 

Fig. 1 

30 

800 

I 
600 • 

~ 
........ 
0 

CL 
L .......... 

i400 ~ 
I 

200 
I 

40 

XBL 838-11 019 

. ' 

0\ 
0\ 



67 

ID 
0 CX) 

CO ~ en 
C It) 

"E - • .... . ,.., 
- 0 CX) 

W ..J 

-.J 
CX) 
x 

OJ 
:J 
0 0 ,., 
0 CO -

c ~ 
"E 0 

t 0 
U'1 -

<.D -
Q) 

E 
~ 

0 ~ w c OJ 
<-

-.J E - M 

~ 0 . 
Z t:IO 

• ..t 

en ~ 

I 
I 
I 
I t I u 
I 

rtl 

>-. Q) 

I lJ.. U 

I + ~ 0 

I rl .; 

!: 
I 
L -

0 

4 aJn~DJadwal 

~ - -



i 
i 

nch 

°1125
" 

~ thds/i 

I I 

1 
I '" ~ +-

/' I 

I 
+------------

I I 
+- H 

1/ t '" 
I I I 

0.500" I 

I 
0250" 

~ 
!--0.500'j t= ~ 1.-0563·-.1 

r--------- 1.750" -------

Fig. 3 

68 

$, 
I \ 

+ 
'... .,' 

XBL 774- 5354 



69 

Fig. 4 

XBB 837-6004 
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XBE 824-3481 
Fig. 5 
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Fig. 7 
XBB 837-6005 
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Fig. 9 XBB 838-6862 
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Fig. 10 

XBB 837-6007 
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Fig. 11 XBB 823-2272 
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Fig. 12 XBB 820-8701 
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. [ll~ 

Fig. 14 XBB 824-3482 
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Fig. 15 XBB 837-6002 
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XBB 824-3480 
Fig. 18 
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Fig. 19 XBB 837-6003 
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Fig. 20 XBB 829-8597 
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XBB 829-8595 

Fig. 21 
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XBB 838-6863 
Fig. 22 
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Fig. 24 XBB 820-9788 
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Fig. 25 xnB 838-6864 
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Fig. 26 XBB 837-6008 
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Fig. 27 XBB 837-6006 
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