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In contrast with conventional inorganic semiconductors such as silicon, defects in ionic metal 

halide perovskite materials are charged. The migration and redistribution of charged defects under 

a potential gradient (e.g. electrical bias) are known to underly a myriad of detrimental performance- 

and stability-limiting phenomena in perovskite-based optoelectronic devices. Crucially, the long-

term instability issues remain the major bottleneck towards practical usage and commercialization 

of perovskite-based optoelectronics. Simultaneously, progress in compositional and crystal growth 

engineering have made possible the controlled fabrication of perovskite thin films with minimized 

bulk trap density, and it is becoming apparent that defects are predominantly located at the surface 

and interfaces.  

 

In chapter 2, we observed that shallow iodine interstitial defects (𝐼𝑖 ) can be generated 

unintentionally during commonly used post-fabrication treatments. We show that 𝐼𝑖 can lower the 

cubic-to-hexagonal phase transformation activation energy barrier of FAPbI3-based perovskites to 

accelerate its degradation. We demonstrate that concurrently avoiding the generation of 𝐼𝑖 and the 
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more effective passivation of iodine vacancy defects (𝑉𝐼) improve the thermodynamic phase stability 

and operational stability of the perovskite films and devices.  

In chapter 3, we investigate the mechanistic reconstruction processes occurring at the 

perovskite surface during post-fabrication treatments. Through complementary surface-sensitive 

techniques, we observed the generation of defects and a reconstruction towards a more PbI2-rich 

surface as isopropyl alcohol (IPA) is spun onto the surface. We show that this reconstruction has 

important implications on the thermodynamics and energetics of the perovskite surface. 

In chapter 4, we study the consequences of the altered heterointerface energetics on carrier 

extraction, trap passivation, charge accumulation, and ion migration. We show that a negative work 

function change (ΔW) accumulates charges in a potential well, which lowers the halide migration 

activation energy to limit PSC stability. 

In chapter 5, we investigate the effect of ‘A’ cation size mismatch on the ion migration 

energetics and operational stability of PSCs. Partially substituting small MA with a larger ‘A’ site 

cation is expected to locally distort the perovskite lattice in order to fit the larger cation. The effect 

of this on the perovskite ion migration energetics has not been independently studied before due to 

the difficulty in separating the contributions of ‘A’ cation hydrogen bonding vs size. 

In chapter 6, we present here a route to induce kinetic-controlled epitaxial crystal growth of 

formamidinium lead tri-iodide (FAPbI3) perovskite thin films by using layered perovskite templates. 

The local epitaxial growth of the FAPbI3 perovskite crystal was observed during its solid-state phase 

transformation from the hexagonal non-perovskite FAPbI3 when it is heterostructured with layered 

perovskite, whereby the growth kinetics was dependent on strain energy originating from the 

heterointerface. 

 



iv  

The dissertation of Shaun Qi En Tan is approved. 

 

 

 
Richard B. Kaner 

Jaime Marian  

Aaswath Raman 

Yang Yang, Committee Chair 

 

 

 

 

 

 
University of California, Los Angeles 

2022 

 

 



v 

 

Table of Contents  

 

Chapter 1. Introduction to the Interface and Defect Engineering of Metal Halide Perovskites . 1 

References ............................................................................................................................... 5 

Chapter 2 Shallow Iodine Defects Accelerate the Degradation of α-Phase Formamidinium 

Perovskite .................................................................................................................................... 8 

2.1 Identification of iodine interstitial defects ........................................................................ 9 

2.2 Accelerated phase degradation due to iodine interstitial defects .................................... 11 

2.3 A possible mitigation strategy ........................................................................................ 13 

2.4 α-FAPbI3 phase stability of the perovskite films ............................................................ 15 

2.5 Operational stability of the perovskite solar cells ........................................................... 17 

2.6 Conclusion ...................................................................................................................... 18 

References ............................................................................................................................. 22 

Chapter 3 Surface Reconstruction of Halide Perovskites during Post-treatment ..................... 27 

References ............................................................................................................................. 34 

Chapter 4 Stability-limiting heterointerfaces of perovskite photovoltaics ............................... 38 

4.1 Perovskite surface and heterointerface dynamics ........................................................... 38 

4.2 Consequences of heterointerface energetics on charge carrier dynamics ....................... 39 

4.3 Device performance and hysteresis behavior ................................................................. 40 

4.4 Device stability under continuous illumination .............................................................. 41 

4.5 Analyses of the degraded devices ................................................................................... 42 

4.6 Aggravated ion migration and device instability ............................................................ 43 

References ............................................................................................................................. 48 



vi 

 

Chapter 5 Steric Impediment of Ion Migration Contributes to Improved Operational Stability 

of Perovskite Solar Cells ........................................................................................................... 52 

5.1 Decoupling size versus hydrogen bonding effect ........................................................... 53 

5.2 Computational study of ion migration energetics ........................................................... 54 

5.3 Size-mismatch-induced lattice expansion and optical properties of the films ................ 55 

5.4 Device photovoltaic performance, charge carrier lifetimes and diode characteristics ... 57 

5.5 Ion migration and operational stability ........................................................................... 60 

5.6 Generalizing the steric impediment of ion migration ..................................................... 63 

5.7 Conclusions ..................................................................................................................... 63 

References ............................................................................................................................. 70 

Chapter 6 Solid-phase hetero epitaxial growth of α-phase formamidinium perovskite ........... 76 

6.1 Phase conversion kinetics ............................................................................................... 77 

6.2 Microstructure analysis and first-principles modeling ................................................... 79 

6.3 Effect of the bulk heteroepitaxy on film quality ............................................................. 81 

6.4 Proof-of-concept devices ................................................................................................ 84 

References ............................................................................................................................. 91 

Appendix A. Supplementary Figures ........................................................................................ 96 

Appendix B. Supplementary Tables ....................................................................................... 167 
 



vii  

List of Figures 

 
 

Figure 1.1. Crystal structure and compositional breadth of metal halide perovskites. a) Cubic 

crystal structure of perovskite. Reproduced with permission.13 Copyright 2014, Macmillan 

Publishers Limited. b) Colour tuning of devices with varying MA/FA and/or Br/I compositions; 

absorption spectra of c) FA5/6MA1/6PbBrxI3-x and d) FAxMA1-xPbBr5/2I1/2 perovskites as x is varied. 

Reproduced with permission.11 Copyright 2016, Royal Society of Chemistry. e) Calculated 

tolerance factors, t, of some metal halide perovskites. MA = Methylammonium (CH3NH3), FA = 

formamidinium (NH2CH=NH2) and EA = ethylammonium (CH3CH2 NH3). Reproduced with 

permission.13 Copyright 2014, Macmillan Publishers Limited. 

Figure 1.2. Optoelectronic properties of metal halide perovskites. a) Absorption coefficient of 

MAPbI3 versus other optoelectronic materials. The slope of the Urbach tails are also included, 

with the inset image showing the data for c-Si (crystalline Si) down to low absorption values. 

Reproduced with permission.17 Copyright 2014, American Chemical Society. b) THz kinetics of 

MAPbI3 (black), MAPbI3/TiO2 (green) and MAPbI3/Al2O2 (red). Inset shows THz 

photoconductivity kinetics normalized to nexce for the first 50s. Reproduced with permission.14 

Copyright 2014, American Chemical Society. Time-resolved photoluminescence studies on b) 

MAPbI3-xClx c) MAPbI3 on PCBM (blue) or spiro-MeOTAD (red) with fits to the PMMA data 

(black). The perovskite films were encapsulated with PMMA. Reproduced with permission.18 

Copyright 2013, American Association for the Advancement of Science.  

Figure 2.1. Experimental and theoretical indications of iodine interstitial defects. a, Current 

density and voltage (J-V) curves of the control and treated devices in reverse (1.2 V to -0.1 V) and 

forward (-0.1 V to 1.2 V) scans. Insets are the stabilized power output (SPO) measurements of the 

corresponding devices. Horizontal grey line marks the initial SPO. b, Bulk and surface formation 

energies of neutral iodine related point defects in FAPbI3 perovskite. Bulk values reproduced from 

reference.7 c, Positron Annihilation Spectroscopy (PAS) depth-profiling of the control and treated 

perovskite films on glass. Solid lines are fitted plots. Yellow shaded areas indicate the top surface 

region of the films. d, Extracted surface and bulk shape parameters of the perovskite films. Yellow 

shaded areas demarcate the upper and lower bounds for the control. 

Figure 2.2. Accelerated phase instability of the treated perovskite films. a, Hexagonal 

δ(010)-to-cubic α(100) X-ray diffraction (XRD) peak intensity ratio of the control and treated 
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perovskite films as a function of exposure time to iodine vapour. b, 3D atomic force microscopy 

topography images of the control and treated perovskite films after different exposure times to 

iodine vapour, showing the surface root-mean-square roughness (𝑅𝑞). Scale bar is 1 μm. c, 

Simulated energy pathway for the cubic-to-hexagonal phase transition with or without 𝐼𝑖
 defect. 

The activation energy barriers are included on the right. Evolution of the atomic arrangements 

for the d, defect-free, and e, with iodine interstitial (green spheres) lattices during the α-FAPbI3-

to-δ-FAPbI3 transformation. Only one unit cell is shown. Atoms are expressed by spheres; iodine 

(purple), lead (grey), carbon (brown), and nitrogen (blue).  

Figure 2.3. Device performance and photoluminescence properties of the control and 

treated perovskites. Top view of the slab models used for the a, VI - 𝐼− and b, VI - TFA¯ 

interaction energy (Eint) calculations. Only the first and second (blurred) layers of the slab are 

shown. Atoms are expressed by spheres; iodine (purple), carbon (grey), nitrogen (blue), oxygen 

(red), and fluorine (green). c, Power conversion efficiency (PCE) distribution of the control and 

treated devices. d, Current density and voltage (J-V) curves of the champion devices in reverse 

(1.2 V to -0.1 V) and forward (-0.1 V to 1.2 V) scan. Inset is the stabilized power output (SPO) 

of the champion devices. e, Steady-state photoluminescence (PL) spectra of the perovskite films 

on glass probed with an excitation wavelength of 532 nm. f, Normalized time-resolved PL 

spectra of the perovskite films on glass. Solid white lines are the fitted profiles using a mono-

exponential decay function.  

Figure 2.4. α-phase stability of the control and treated perovskite films. a, Hexagonal 

δ(010)-to-cubic α(100) X-ray diffraction (XRD) peak intensity ratio of the control and treated 

perovskite films as a function of exposure time to iodine vapour. b, Photographs and c, 

absorbance at 600 nm of the perovskite films exposed to RH 75 ± 10 % with time. d, XRD 

diffractograms of the perovskite films after exposure to RH 75 ± 10 % for 32 h.  

Figure 2.5. Operational stability of the perovskite devices. a, Normalized stabilized power 

output (SPO) of encapsulated control and treated devices under continuous illumination (90 ± 10 

mW cm-2) under open‐circuit condition. b, Normalized SPO of best-performing device with 

PATFA treatment. Dashed lines are linear fits to extract the device 𝑇90 lifetime. Shaded areas mark 

the ‘burn-in decay’ regime.  

Figure 3.1. Defect generation by IPA treatment. (a) Schematic of the in situ PL measurement 

during IPA post-treatment. (b) In situ PL contour plot of a perovskite film undergoing surface 



ix  

treatment with IPA dropped at around 53 s. (c) Evolution of the PL parameters extracted from 

fitting (b). (d) PAS depth-profiling of the perovskite films. 

Figure 3.2. Characterizations of the perovskite films. (a) High-resolution XPS spectra of the Pb 

4f and I 3d5/2 peaks of the perovskite films. Inset includes the calculated I:Pb ratios of the films. 

Solid lines are fitted plots. Dashed vertical lines demarcate the peak positions for the control film. 

Intensities are normalized to Pb 4f peak. (b) UPS spectra of the perovskite films. Inset includes a 

schematic band diagram of the energy levels based on the UPS measurements. GIXRD diffraction 

patterns of the perovskite films measured with an incident angle of (c) ω = 0.2° and (d) ω = 1.0°. 

Figure 3.3. Surface reconstruction and its implications. (a), (b) Theoretical slab models for 

first-principles DFT calculations. Atoms are colored black (lead), red (iodine), gray (nitrogen), and 

blue (hydrogen). (c) Calculated surface physiochemical properties. The asterisk indicates that 

surface energy is in units of eV nm-2. (d) Enthalpy of adsorption of either PEAI or OAI on the 

surfaces. (e) Current density-voltage curves of devices treated with 10 mM OABr in CF. Inset 

includes the measured photovoltaic parameters. Brackets indicate parameters measured in forward 

bias. In situ PL contour plots of perovskite films undergoing surface treatment with (f) 10 mM 

OAI or (g) 10 mM PEAI in IPA. 

Figure 4.1. Perovskite surface and heterointerface dynamics. a, b, UPS secondary electron cut-

offs of various surface-treated perovskite films. Labels are BA: butylammonium, OA: 

octylammonium, DA: dodecylammonium. KPFM surface potential maps of the c, Reference, d, 

OAI-treated, and e, OATsO-treated films. Insets include the corresponding AFM topography 

images. All scale bars are 2 μm. f, Work function distributions and g, RMS surface roughness (Rq) 

of the films measured by KPFM and AFM, respectively. Charge density distribution profiles of 

the complete h, OATsO-treated and i, OAI-treated device cross-sections measured by cross-

sectional KPFM. The devices were illuminated under open-circuit condition. Red error bars 

demarcate the estimated spatial resolution of ~30 nm.8,28 

Figure 4.2. Charge carrier dynamics, performance, and photostability. a, Steady-state and b, 

time-resolved PL spectra of the glass/perovskite films. c, Steady-state and d, time-resolved PL 

spectra of the glass/perovskite/spiro-MeOTAD films. Included are the extracted lifetimes fitted 

with a mono-exponential decay function for (b) and bi-exponential decay function for (d). e, 

Histogram showing the PCE distributions of the devices. f, Photostability evolution with time of 

encapsulated devices aged under continuous illumination at maximum power point. P0 denotes 
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the initial PCE. g, Photostability evolution with time of encapsulated devices aged under 

continuous illumination in open-circuit condition. Error bars represent the standard deviation of 

four devices for each condition. h, Photostability PCE evolution of the most stable OATsO-

treated device aged under open-circuit condition. Included are the PCE retentions in 

approximately 500 h intervals.  

Figure 4.3. STEM and EDX analyses of the aged devices. STEM bright field images of the aged 

a, OAI-treated and b, OATsO-treated device cross-sections. The OAI-treated device is seen to 

have a rougher heterointerface contacting spiro-MeOTAD. EDX elemental maps of bromine for 

the c, OAI-treated and d, OATsO-treated device cross-sections, and iodine for the e, OAI-treated 

and f, OATsO-treated device cross-sections. All scale bars in the STEM and EDX images represent 

200 nm. Elemental distributions of bromine for the g, OAI-treated and h, OATsO-treated devices, 

and iodine for the i, OAI-treated and j, OATsO-treated devices.  

Figure 4.4. Physical origins of the experimental observations. Activation energy for the a, intra-

lattice and b, extra-lattice migrations of iodine or bromine calculated using first-principles NEB 

simulations. The forward migration pathways are indicated by the red arrows in the example 

simulated supercells. Charge displacement with c, [OA]+ or d, [TsO]-
 on the surface, superimposed 

on the defect-free slab models, and e, corresponding charge displacement profiles. Blue and yellow 

volumes on the slab models correspond to electron-depleted or electron-enriched regions, 

respectively.  

Figure 5.1. Decoupling size versus hydrogen bonding effect. Chemical structures of a) 

acetamidinium, b) methylammonium, and c) guanidinium. Density functional theory (DFT) 

modelled effective hydrogen bonds between the ‘A’ cations and perovskite lattice for d) 

acetamidinium, e) methylammonium, and f) guanidinium. Black numbers are the bond lengths (in 

angstroms) and blue numbers are the bond angles (in degrees). 

Figure 5.2. Computational study of ion migration energetics. Density functional theory (DFT) 

modelled a) side view and b) top view iodide ion migration pathway for MAPbI3 perovskite and 

c) side view and d) top view iodide ion migration pathway for Ace0.25MA0.75PbI3 perovskite, 

showing only the unit cell containing the Ace cation. e) Iodide ion migration activation energy for 

MAPbI3 and Ace0.25MA0.75PbI3 calculated using DFT. Included are the transition states 

corresponding to the maximum energy states, showing the hydrogen bond length between the 

migrating iodide ion (highlighted in green) and the nearest neighbouring hydrogen atom. 
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Figure 5.3. Size-mismatch-induced lattice expansion and optical properties of the films. a) X-

ray diffraction (XRD) spectra of the AcexMA1-xPbI3 films with different values of x. b) High-

resolution XRD spectra of the perovskite films showing the (100) perovskite diffraction peak. The 

PbI2 and secondary phase (*) diffraction peaks are labelled. Inset shows the magnified normalized 

(100) perovskite peak. c) Variation of the a (or b) and c unit cell lattice parameters of the AcexMA1-

xPbI3 films with different values of x. d) Absorption and normalized photoluminescence spectra of 

the AcexMA1-xPbI3 films with different values of x. 

Figure 5.4. Device photovoltaic performance, charge carrier lifetimes and diode 

characteristics. a) Box plot showing the power conversion efficiency (PCE) distribution of the 

MAPbI3 and Ace0.03MA0.97PbI3 devices. b) Current density and voltage (J-V) curves of the 

champion devices. Inset includes the stabilized PCEs. c) Time-resolved photoluminescence 

spectra of the MA and AceMA films. Solid lines are the fitted profiles using a bi-exponential decay 

function. Inset includes the steady-state PL spectra. d) Transient photovoltage decay of the MA 

and AceMA devices. Solid lines are the fitted profiles using a mono-exponential decay function.  

Figure 5.5. Ion migration and operational stability. Temperature-dependant conductivity of the 

a) MAPbI3 and b) Ace0.03MA0.97PbI3 lateral devices. c) Operational stability testing of encapsulated 

MAPbI3 and Ace0.03MA0.97PbI3 devices under continuous 1 sun illumination under open-circuit 

condition in ambient air. d) Thermal stability testing of the MAPbI3 and Ace0.03MA0.97PbI3 devices 

heated continuously at 85 °C in a nitrogen atmosphere.  

Figure 6.1. Phase conversion kinetics of formamidinium lead tri-iodide (FAPbI3) perovskite 

with a hetero-interface at the grain boundaries. a, Photographs of FAPbI3 films on SnO2-coated 

ITO substrates with different annealing times at 150 oC. Control: bare FAPbI3, 1P: FAPbI3 with 

1.67 mol% PEA2PbI4, 3P: FAPbI3 with 3.33 mol% PEA2PbI4, and 3F: FAPbI3 with 3.33 mol% 

FPEA2PbI4. b, In-situ grazing incident wide angle X-ray scattering (GIWAXS) measurements of 

corresponding films deposited on silicon wafer substrates. c, Isothermal transformation diagrams 

showing the evolution of the α-FAPbI3 phase proportion in the films as a function of annealing 

time at 150 oC on silicon wafers (upper panel) and on SnO2-coated ITO substrates (lower panel). 

Figure 6.2. Transmission electron microscopy (TEM) images and density functional theory 

(DFT) calculations. a-d, In-situ TEM images of the δ-FAPbI3 film annealed at the phase 

conversion temperature for different times. The relatively bright spots are the cubic phase nuclei 

transformed from the hexagonal phase. High-resolution TEM images of FAPbI3 films incorporated 
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with 3.33 mol% FPEA2PbI4 e, f, before and h, i, after the phase conversion process. f and i show 

magnified TEM images of the regions highlighted with yellow dashed boxes in e and h, 

respectively. g and j show corresponding fast Fourier transform (FFT) analysis of images f and i, 

respectively. Figure 6.2e-j are from samples prepared by scratching off the films from the 

substrate. k, DFT-calculated free energy barriers (∆𝐺𝑐 s) for phase conversion from cubic to 

hexagonal (α→δ), from hexagonal to cubic (δ→α), and formation enthalpy of the cubic phase (∆𝐻) 

with respect to that of the hexagonal phase. Dashed lines and solid lines indicate ∆𝐺𝑐 without and 

with strain, respectively. The interlayer spacing of the strain-free hexagonal phase, layered 

perovskite and cubic phase are indicated with gray colored dashed vertical lines (d-spacings of 

DFT optimized structures). l, Schematic free energy diagrams for the hexagonal and cubic phased 

FAPbI3 at different temperatures and strain condition. T is temperature and Tc is the temperature 

for phase conversion. 

Figure 6.3. Crystallographic analyses before and after the phase conversion. X-ray 

diffraction (XRD) patterns of the films a, before and b, after the phase conversion process. c, 

High-resolution X-ray diffraction (XRD) patterns of the films after the phase conversion process. 

Inset shows the normalized (002) orientation peaks. d-g, XRD pole figure measurements along 

the (001) orientation of the d, control, e, 1P, f, 3P, and g, 3F films h. Composition-dependent 

strain before phase conversion and crystallite size of the films before and after the phase 

conversion process. The strain was calculated using the Williamson-Hall method from δ-FAPbI3 

films. The δ-FAPbI3 crystallite sizes were calculated by the Williamson-Hall method, while the 

α-FAPbI3 crystallite sizes were extracted from the AFM images. i, Steady-state 

photoluminescence (PL) and j, time-resolved PL decay profile measurements of the 

corresponding films. Insets of I show peak intensity (left) and normalized PL spectra (right). 

Figure 6.4. Proof-of-concept devices. a, Device structure schematics and corresponding cross-

sectional scanning electron microscopy (SEM) images of the solar cell devices based on the 

FAPbI3 film with nano heteroepitaxy (NHE, with 3.33 mol% FPEA2PbI4). b, Current density-

voltage (J-V) and c, external quantum efficiency (EQE) curves of solar cell devices based on a 

bare FAPbI3 film (control) and a FAPbI3 film with NHE. Inset of b shows steady-state power 

conversion efficiencies (SSPCEs) measured at maximum power points. d, Voltage-radiance curves 

of the light emitting diode (LED) devices, and e, corresponding EQE curves of the LED devices 

based on the control and NHE films. Inset of d shows the electroluminescence spectra of the LED 
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devices. Operational stability measurements of the f, solar cell (normalized SSPCE) and g, LED 

devices (normalized radiance) based on the control and NHE films. 
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Table 6.1. Measured performance parameters of perovskite solar cells and light-emitting diodes 

based on the control and NHE films. Short-circuit current density (JSC), open-circuit voltage (VOC), 

fill factor (FF), and power conversion efficiency (PCE) of the solar cells. Maximum radiance and 

external quantum efficiency (EQE) of the light-emitting diodes. The PCE values in parenthesis are 

steady-state PCEs measured at maximum power points. The T80 and T50 lifetimes of the solar 

cells and light-emitting diodes were extracted from Figure 6.4f, g, respectively.



xv  

Acknowledgments 

 

 
This Ph.D. and the work described in this dissertation would not have been possible without 

the support, mentorship, and collaborative effort of many. I would like to express my deepest 

gratitude to all who have accompanied me through this journey.  

First, I would like to offer my sincerest thanks to my advisor, Prof. Yang Yang, for his 

guidance and supervision across the 4.5 years of my Ph.D. studies at UCLA. Prof. Yang was kind 

enough to take me in as his graduate student back in 2017, despite my relative lack of research 

experience. He has always encouraged me to pursue my own interests, to consistently challenge 

myself and to think outside the box, and to never be afraid of failing. I am grateful for Prof. Yang for 

entrusting me with many responsibilities beyond just pure research, which I believe has adequately 

prepared me for a life and career in academia. I am thankful for every discussion and conversation 

we have had together over the last 4.5 years, which I have learned a lot from, both in terms of research 

and academia, and also more generally in life. I am sure that my connections with Prof. Yang will 

persist even long after I have left UCLA. 

I would also like to thank the committee members for their mentorship: Prof. Richard B. 

Kaner, Prof. Jaime Marian, and Prof. Aaswath Raman. In particular, Prof. Marian also offered me 

my first teaching assistant opportunity during my first year at UCLA, and I am grateful for the trust 

he had in me since near the very beginning. 

I would like to especially thank Dr. Jin-Wook Lee and Dr. Tae-Hee Han, who were both 

postdocs in Prof. Yang’s group back when I first joined in 2017. I was assigned by Prof. Yang to be 

mentored by Dr. Lee and Dr. Han, and they taught me everything I needed to know to make the leap 

and transformation from an inexperienced undergraduate student to an independent graduate 



xvi  

researcher. Dr. Lee and Dr. Han devoted their time and effort to mentor me despite my many 

shortcomings, and I am sincerely grateful for their guidance and support. Dr. Lee and Dr. Han are 

now both faculty members themselves in South Korea, at Sungkyunkwan University and Hanyang 

University, respectively. Despite them having left Prof. Yang’s group more than 3 years ago, we have 

all kept in close contact and collaboration, and I look forward to many more fruitful and productive 

endeavors to come in the near future.  

In addition, I would also like to especially thank my seniors at Prof. Yang’s lab: Dr. Nicholas 

De Marco, Mr. Oliver Lin, Mr. Zhenghong Dai, Dr. Sheng-Yung Chang, and Dr. Yao-Tsung Hsieh. 

They have all contributed tremendously and profoundly in shaping my nascent years when I first 

joined UCLA. 

I am glad to have had the chance to share the joys and endure through the challenging times 

together with my fellow colleagues in Prof. Yang’s lab. In addition to my colleagues already 

mentioned above, I would also like to thank, in no particular order: Dr. Pei Cheng, Dr. Dong Meng, 

Prof. Yu Duan, Prof. Zhao-Kui Wang, Dr. Guangwei Xu, Dr. Le Cai, Dr. Hangbo Yang, Dr. Rui 

Wang, Dr. Jingjing Xue, Dr. Zhengxu Wang, Dr. Yu-Che Lin, Dr. Yuqiang Liu, Dr. Haowen Cheng, 

Dr. Tianyi Huang, Dr. Hao-Cheng Wang, Dr. Chung-Hao Chen, Dr. Minhuan Wang, Dr. Jiahui Zhu, 

Dr. Yepin Zhao, Dr. Selbi Nuryyeva, Ms. Elizabeth Zhang, Mr. Ran Zheng, Mr. Qiyu Xing, Mr. Bin 

Chang, and Mr. Zongqi Li. I wish them all the best in their life and career, and I sincerely look 

forward to the chance for us to meet in person again, wherever and whenever.  

I would also like to especially single out and thank Dr. Tianyi Huang, who also joined UCLA 

at the same time as me in 2017. We have toughed it out together through countless hard and difficult 

times across our Ph.D. studies. He has been a great friend over the last 4.5 years, both inside and 

outside the lab. It is no coincidence that we have co-first authored the most publications together. I 

am sure that our friendship will last long beyond our times at UCLA. 



xvii  

My research projects have majorly involved collaborative efforts with research groups outside 

of Prof. Yang’s lab. I would like to especially thank: Prof. Ilhan Yavuz (Marmara University), Dr. 

Carolin M. Sutter-Fella (LBNL), Dr. Marc H. Weber (Washington State University), Mr. Tae Woong 

Yoon (Sungkyunkwan University), Dr. Mingjie Xu (UC Irvine), Dr. Maged Abdelsamie (LBNL), 

Mr. Keonwoo Park (Sungkyunkwan University), Dr. Sung-Joon Lee (UCLA), Dr. Jeong Hoon Ko 

(Caltech), Dr. Finn Babbe (LBNL), Mr. Michael E. Liao (UCLA), Mr. Kenny Huynh (UCLA), Dr. 

Kootak Hong (LBNL), Dr. Chenhui Zhu (LBNL), Prof. Kendall N. Houk (UCLA), Prof. Young Jae 

Song (Sungkyunkwan University), Prof. Xiaoqing Pan (UC Irvine), Prof. Sang Il Seok (UNIST), and 

Prof. Nam-Gyu Park (Sungkyunkwan University). It is fair to say that my research projects would 

not have turned out the way they did without the joint effort and contributions of all these 

collaborators. I look forward to continue working with them even after my time at UCLA ends. 

I am thankful to my parents, sister, and extended family. This journey to obtain a Ph.D. began 

long before I joined UCLA, and I would not have reached this stage in my life and career without 

their support and belief in me through all these years. 

Lastly, but perhaps most importantly, I would like to offer my greatest thanks to my fiancé, 

girlfriend, and best friend, Ms. Jinju Chun. She has been beside me through the highest of highs and 

the lowest of lows in life. Many people, incidents, and events in my life have come and gone, but her 

unwavering support and companionship have been the constants that have kept me pushing forward. 

This is just the beginning, and I look forward to spending the rest of my life together with her. 

 

 

 

 

 



xviii  

Chapter 1 is a version of Advanced Materials, 2019, 31, 1803515; Chapter 2 is a version of Joule, 

2020, 4, 2426-2442; Chapter 3 is a version of Journal of the American Chemical Society, 2021, 143, 

6781-6786; Chapter 4 is a version of Nature, 2022, https://doi.org/10.1038/s41586-022-04604-5;  

Chapter 5 is a version of Advanced Materials, 2020, 32, 1906995; Chapter 6 is a version of Nature 

Communications, 2020, 11, 5514. All the permissions have been granted by the publishers.  



xix  

VITA 
 

 

2013-2017 Master of Engineering, Department of Materials Science and Engineering,  

The University of Manchester, Manchester, United Kingdom 

 2015 Research intern, Institute of Materials Research and Engineering,  

Agency for Science, Technology and Research (A*STAR), Singapore 

2017-2022 Graduate Student Researcher, Department of Materials Science and Engineering, 

University of California Los Angeles, Los Angeles CA, United States 

2020-2022 Research affiliate, Chemical Sciences Division,  

Lawrence Berkeley National Laboratory, Berkeley CA, United States 

 

 

 

 

                                                     Selected Publications   

 
1. Shaun Tan†, Tianyi Huang†, Ilhan Yavuz†, Rui Wang, Tae Woong Yoon, Mingjie Xu, Qiyu 

Xing, Keonwoo Park, Do-Kyoung Lee, Chung-Hao Chen, Ran Zheng, Taegeun Yoon, Yepin 

Zhao, Hao-Cheng Wang, Dong Meng, Jingjing Xue, Young Jae Song, Xiaoqing Pan, Nam-Gyu 

Park, Jin-Wook Lee, and Yang Yang. Stability-limiting heterointerfaces of perovskite 

photovoltaics, Nature, 2022, https://doi.org/10.1038/s41586-022-04604-5 (†Contributed 

equally) 

2. Shaun Tan†, Tianyi Huang†, Ilhan Yavuz†, Rui Wang, Marc H. Weber, Yepin Zhao, Maged 

Abdelsamie, Jingjing Xue, Finn Babbe, Jin-Wook Lee, Carolin M. Sutter-Fella, and Yang Yang. 

Surface Reconstruction of Halide Perovskites during Post-treatment, Journal of the American 

Chemical Society, 2021, 143, 6781-6786. (†Contributed equally) 

3. Shaun Tan, Ilhan Yavuz, Marc H. Weber, Tianyi Huang, Chung-Hao Chen, Rui Wang, Hao-

Cheng Wang, Jeong Hoon Ko, Selbi Nuryyeva, Jingjing Xue, Yepin Zhao, Kung-Hwa Wei, Jin-



xx  

Wook Lee, and Yang Yang. Shallow iodine defects accelerate the degradation of α-phase 

formamidinium perovskite, Joule, 2020, 4, 2426-2442.  

4. Shaun Tan, Ilhan Yavuz, Nicholas De Marco, Tianyi Huang, Sung‐Joon Lee, Christopher S Choi, 

Minhuan Wang, Selbi Nuryyeva, Rui Wang, Yepin Zhao, Hao‐Cheng Wang, Tae‐Hee Han, 

Bruce Dunn, Yu Huang, Jin‐Wook Lee, and Yang Yang. Steric Impediment of Ion Migration 

Contributes to Improved Operational Stability of Perovskite Solar Cells, Advanced Materials, 

2020, 32, 1906995. 

5. Shaun Tan†, Tianyi Huang†, and Yang Yang. Defect passivation of perovskites in high efficiency 

solar cells, Journal of Physics: Energy, 2021, 3, 042003. (†Contributed equally) 

6. Jin-Wook Lee†, Shaun Tan†, Sang Il Seok, Yang Yang, and Nam-Gyu Park. Rethinking the A 

Cation in Halide Perovskites, Science, 2022, 375, eabj1186. (†Contributed equally) 

7. Jin-Wook Lee†, Shaun Tan†, Tae-Hee Han†, Rui Wang, Lizhi Zhang, Changwon Park, Mina 

Yoon, Chungseok Choi, Mingjie Xu, Michael E. Liao, Sung-Joon Lee, Selbi Nuryyeva, Chenhui 

Zhu, Kenny Huynh, Mark S. Goorsky, Yu Huang, Xiaoqing Pan, and Yang Yang. Solid-phase 

hetero epitaxial growth of α-phase formamidinium perovskite, Nature Communications, 2020, 

11, 5514. (†Contributed equally) 

8. Tianyi Huang†, Shaun Tan†, Selbi Nuryyeva†, Ilhan Yavuz, Finn Babbe, Yepin Zhao, Maged 

Abdelsamie, Marc H. Weber, Rui Wang, K. N. Houk, Carolin M. Sutter-Fella, and Yang Yang. 

Performance-Limiting Formation Dynamics in Mixed-Halide Perovskites, Science Advances, 

2021, 7, eabj1799 (†Contributed equally) 

9. Tae‐Hee Han†, Shaun Tan†, Jingjing Xue, Lei Meng, Jin‐Wook Lee, and Yang Yang. Interface 

and Defect Engineering for Metal Halide Perovskite Optoelectronic Devices, Advanced 

Materials, 2019, 31, 1803515. (†Contributed equally) 



     

1 

 

Chapter 1. Introduction to the Interface and Defect Engineering of Metal Halide 

Perovskites 

 
Within the past decade, metal halide perovskites have attracted tremendous interest from the 

optoelectronics community, owing to their unique combination of properties, which have enabled the 

versatile functionality of metal halide perovskites, being applied to photovoltaics1–3, light emitting 

diodes (LEDs)4–6, lasers7, photodetectors8,9 and thin film transistors.10 External quantum efficiencies 

(EQEs) over 20% have been achieved for perovskite-based LEDs, while the certified record power 

conversion efficiency (PCE) for perovskite solar cells currently stand at an astounding 25.7%. 

Perovskite-based optoelectronic devices already rival that of commercially available conventional 

devices such as silicon, CIGS and organic LEDs fabricated via high temperature vacuum processes. 

Metal halide perovskites have the general formula ABX3 (Figure 1.1a), where A is a 

monovalent cation, commonly organic methylammonium (MA, CH3NH3
+) or formamidinium (FA, 

(NH2)2CH+), or inorganic cesium or rubidium; B is a divalent metal cation, possibly lead, tin or 

germanium; and X is a halide anion. By varying either of the A, B or X site ions, or utilizing 

multicomponent A, B or X site ions, the optoelectronic properties of metal halide perovskites can be 

modified (Figure 1.1b-d) to fit a specific application. Considering the standard iodide-based 

perovskite, CH3NH3PbI3 (MAPbI3), for instance, the bandgap can be increased from 1.59 eV to 2.31 

eV by substituting I for Br.11 

Cubic symmetry of the Pm3m space group is the most ideal for metal halide perovskites, with 

octahedra of corner-sharing BX6 surrounding A cations with 12-fold coordination.12 However, 

perovskites with too small A cations or too large B cations will deviate towards either a tetragonal, 

orthorhombic or rhombohedral structure. The Goldschmidt tolerance factor, t, defined by the ratio t 

= (RA + RX) / [√2 (RB + RX)], and the octahedral factor, μ, where μ = RB / RX, where RA, RB, RX are 

the ionic radii of the A, B, X species, respectively, quantify this deviation. It is observed that metal 

halide perovskites have 0.8 < t < 1.0 and 0.44 < μ < 0.90, and that the ideal cubic structure occurs at 

t = 1.0.13 Calculated theoretical t and μ values for some common metal halide perovskites are shown 

in Figure 1.1e.14 

Regarding photophysical properties, high absorption coefficients (> 105 cm-1) throughout the 

visible spectrum (Figure 1.2a) because of a direct bandgap enable submicron functional film 

thickness.15 MAPbI3 and MAPbI2Cl exhibits sharp absorption onsets at approximately 800 nm, 
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compared to the 700 nm of MAPbI2Br.16 The Urbach energy of MAPbI3 is as low as 15 meV.17 

Electronic structure studies on MAPbI3 revealed that the conduction band minimum (CBM) is formed 

from the non-bonding 6p orbitals of Pb while the valence band maximum (VBM) consists of 

antibonding hybrid states between the s orbitals of Pb and the p orbitals of I.18 Exciton binding energy 

was measured to be only a few tens of millielectronvolts, comparable to ambient thermal energy and 

thus free carriers are generated spontaneously upon photoexcitation.19 Metal halide perovskites are 

also ambipolar charge transporters.20 Time-resolved terahertz spectroscopy on MAPbI3 observed that 

photogeneration of electron-hole pairs occur almost instantaneously and dissociate in 2 ps into free 

carriers (Figure 1.2b). Carrier diffusion lengths around 100 nm for MAPbI3 for both electrons and 

holes and exceeding 1 micrometer for a mixed halide MAPbI3-xClx perovskite were measured by 

time-resolved photoluminescence studies (Figure 1.2c-d).21 In terms of fabrication, metal halide 

perovskites are solution-processable at low temperatures with relative ease using abundant precursor 

materials. All in all, metal halide perovskites possess an advantageous set of photophysical properties 

for optoelectronics applications.  

The main loss mechanism undermining the performance of perovskite optoelectronic devices 

is nonradiative recombination induced by heterointerfaces and defects. Surface defects along the 

heterointerfaces between the perovskite layer and the adjacent contact layers have been shown to be 

detrimental to the functionality and operation of perovskite optoelectronic devices. Interfacial 

recombination loss is minimized by reducing the defect density and promoting a more favorable 

energy level alignment between the perovskite layer and its contacts. Within the bulk of the 

perovskite, solution processing inevitably introduces structural disorders in the form of grain 

boundaries, which were found to have a significant impact on both the optoelectronic properties and 

stability of the perovskite film and device. Dislocations and dangling bonds at grain boundaries 

constitute trap states that impede charge carrier transport and induce non-radiative recombination 

losses. Consequently, charge carrier diffusion lengths in perovskite single crystals with trap densities 

as low as 109-1010 cm-3 exceed 100 μm, whereas that of polycrystalline thin films with trap densities 

between 1016-1018 cm-3 are lower than 10 μm.22–25 Defective grain boundaries are also known to be 

vulnerable to environmental degradation. Heat- and moisture-induced decomposition initiates at 

grain boundaries and propagates into the bulk perovskite, while charged defects migrate through the 

grain boundaries under an electrical bias.  

The small exciton binding energies (Eb ~30 meV for CH3NH3PbI3, ~76 meV for 
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CH3NH3PbBr3), long carrier diffusion lengths (~1 μm) and also a high density of surface defects of 

perovskite polycrystalline films induce severe exciton quenching in the bulk or at the interfaces of 

devices, limiting the electroluminescent properties of LEDs.21,26–28 In addition, perovskite LEDs are 

usually plagued by an unbalanced charge transport from each of the two metal electrodes, a 

consequence of the difficulty and associated problems with depositing multiple functional layers via 

solution-processing, such as the carrier or exciton blocking layers. Unbalanced charge transport in 

perovskite LEDs results in the formation of narrow recombination zones close to the heterointerfaces, 

which causes a severe efficiency drop, operational instability, and a large efficiency roll-off. 

Therefore, interface engineering and the manipulation of defective grain boundaries to achieve high 

EL are essential before perovskite LEDs can be applied to display technologies.  

For perovskite photovoltaics, the best devices already boast short-circuit current density (JSC) 

values near the theoretical limit for a given bandgap.29 Thus maximizing the open-circuit voltage 

(VOC) and consequently fill factor (FF) is necessary to further improve the record achievable PCE of 

perovskite photovoltaics. Nonradiative recombination losses along the interfaces and within the bulk 

are responsible for reducing the VOC and FF. In this context, interface and defect engineering prove 

crucial to mitigate nonradiative recombination in a bid to further push the PCE towards its 

thermodynamic Shockley-Queisser limit.  

 

Figure 1.1. Crystal structure and compositional breadth of metal halide perovskites. a) Cubic 

d)

a) b)

e)

c)
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crystal structure of perovskite. Reproduced with permission.13 Copyright 2014, Macmillan Publishers 

Limited. b) Colour tuning of devices with varying MA/FA and/or Br/I compositions; absorption 

spectra of c) FA5/6MA1/6PbBrxI3-x and d) FAxMA1-xPbBr5/2I1/2 perovskites as x is varied. Reproduced 

with permission.11 Copyright 2016, Royal Society of Chemistry. e) Calculated tolerance factors, t, of 

some metal halide perovskites. MA = Methylammonium (CH3NH3), FA = formamidinium 

(NH2CH=NH2) and EA = ethylammonium (CH3CH2 NH3). Reproduced with permission.13 Copyright 

2014, Macmillan Publishers Limited. 

 

Figure 1.2. Optoelectronic properties of metal halide perovskites. a) Absorption coefficient of 

MAPbI3 versus other optoelectronic materials. The slope of the Urbach tails are also included, with 

the inset image showing the data for c-Si (crystalline Si) down to low absorption values. Reproduced 

with permission.17 Copyright 2014, American Chemical Society. b) THz kinetics of MAPbI3 (black), 

MAPbI3/TiO2 (green) and MAPbI3/Al2O2 (red). Inset shows THz photoconductivity kinetics 

normalized to nexce for the first 50s. Reproduced with permission.14 Copyright 2014, American 

Chemical Society. Time-resolved photoluminescence studies on b) MAPbI3-xClx c) MAPbI3 on 

PCBM (blue) or spiro-MeOTAD (red) with fits to the PMMA data (black). The perovskite films were 

c)

d)

a)

b)
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encapsulated with PMMA. Reproduced with permission.18 Copyright 2013, American Association 

for the Advancement of Science.  
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Chapter 2 Shallow Iodine Defects Accelerate the Degradation of α-Phase 

Formamidinium Perovskite 

 
 The record power conversion efficiencies (PCEs) of single-junction metal halide perovskite 

solar cells (PSCs) have catapulted to over 25 % in just over a decade.1–5 With attainable PCEs now 

rivalling that of matured photovoltaic technologies based on conventional inorganic semiconductors, 

the attention of the community has turned to addressing the notorious instability issues of PSCs. 

Shallow defects, by definition, do not constitute non-radiative recombination centers due to 

their low transition energies, and are therefore considered mostly benign and of less importance in 

inorganic covalent semiconductors like silicon or gallium arsenide. In contrast, due to the 

characteristic ionic nature of metal halide perovskites, intrinsic point defects are charged,6–8 and this 

has significant implications on its defect physics. Particularly, the migration of charged defects in 

response to a potential gradient is known to seriously degrade the long-term operational stability of 

PSCs.9–12 Notably, several shallow defects are theoretically predicted to have low formation and 

migration activation energies.6,7,9,12,13 This implies the possible generation of shallow defects during 

film fabrication and post-treatment processes. Although the initial device photovoltaic performance 

is mostly unaffected by the generated defects due to their shallow nature, the long-term operational 

stability of the PSCs can potentially be impacted. Therefore, systematic investigations on the effects 

of shallow defects are required. 

In particular, fewer studies have been done on the formamidinium lead triiodide (FAPbI3) 

perovskite as compared to the prototypical methylammonium lead triiodide (MAPbI3),
14–17 whilst the 

vast majority of high-performance PSCs are based on a FAPbI3 dominant composition.3,4 This is 

significant because of the different degradation mechanisms between the two – FAPbI3, for instance, 

phase degrades from the photoactive cubic α-FAPbI3 perovskite phase to the hexagonal non-

perovskite δ-FAPbI3 phase, whereas the MAPbI3 perovskite phase degrades into PbI2.
14,16,18 Point 

defects disrupt the original lattice arrangement, and thus may affect the thermodynamic energetics of 

the perovskite,19,20 especially relevant for FAPbI3 due to its metastable nature. Therefore, it is of 

critical importance to understand the effects of the intrinsic point defects to mitigate the instability 

issues of FAPbI3-based PSCs. 

 In this study, we observed that shallow iodine interstitial defects ( 𝐼𝑖 ) can be generated 

unintentionally during commonly used post-fabrication treatments. We show that 𝐼𝑖 can lower the 



     

9 

 

cubic-to-hexagonal phase transformation activation energy barrier of FAPbI3-based perovskites to 

accelerate its degradation. We demonstrate that concurrently avoiding the generation of 𝐼𝑖 and the 

more effective passivation of iodine vacancy defects (𝑉𝐼) improve the thermodynamic phase stability 

and operational stability of the perovskite films and devices. Consequently, our most stable PSC 

devices demonstrated a more than five-fold increased average lifetime over the control devices under 

continuous illumination operational stability testing. The champion device retained 92.1 % of its 

initial performance after nearly 1,000 h of testing. 

2.1 Identification of iodine interstitial defects 

 

Iodine-related shallow defects are theoretically predicted to have relatively low (bulk) 

formation energies.6–8 Recently, post-fabrication surface treatment strategies using organic iodides 

have been reported by many groups. The iodide anion ( 𝐼− ) has been reported to passivate 𝑉𝐼 

defects.21–23 However, we speculated that excessive 𝐼− coated on the perovskite surface possibly 

generates shallow iodine-related defects, so we tried to investigate this by mimicking the surface 

environments while excluding the organic cation.  

All control samples for this study are based on a FAPbI3 composition with 5 mol% of added 

MAPbBr3 fabricated by a one-step antisolvent quenching method. The as-fabricated perovskite films 

were then post-treated with different concentrations of pure iodine (𝐼2) dissolved in isopropanol3 

(hereafter, concentrations given in terms of equivalent concentration of atomic iodine) at 5000 rpm, 

followed by annealing at 100°C for 5 min. The concentrations and deposition conditions were set to 

be comparable to those commonly reported for organic iodide salts (Table B2.1). The control films 

were treated with blank (pure) isopropanol, and underwent the same annealing. PSC devices of 

architecture ITO/SnO2/perovskite/spiro-MeOTAD/Au were fabricated without or with surface 

treatment. We observed that the device photovoltaic parameters, including the open-circuit voltage 

(VOC), measured in reverse current density-voltage (J-V) scan, changed marginally with surface 

treatment (Figure A2.1), while the scan direction dependent J-V hysteresis (Figure 2.1a, Figure 

A2.1 and Figure A2.2) of the devices became increasingly more pronounced. This hints at the 

formation of shallow iodine related defects, given that defect migration is responsible for the 

hysteresis behavior in perovskites.10,11,24 Particularly, on the longer timescales of the stabilized power 

output (SPO) measurements (insets of Figure 2.1a), where defects have sufficient time to migrate 

and screen the applied bias,10,25 the SPO is seen to stabilize slower and decays to a lower value with 
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increased surface treatment concentration. 

First-principles density functional theory (DFT) calculations were performed to identify the 

probable defect species. The surface formation energies (Figure 2.1b) of iodine-related neutral point 

defects were computed for FAPbI3 grown in stoichiometric conditions for a FAI terminated surface 

(most thermodynamically stable, see Figure A2.3 for details), and compared to the bulk formation 

energies reproduced from a previous report.7 Figure 2.1b shows that the bulk formation energies of 

𝑉𝐼, 𝐼𝑖, FA-I antisite defects (𝐹𝐴𝐼), and I-FA antisite defects (𝐼𝐹𝐴) are approximately comparable at ~1 

eV. The trend however changes dramatically at the surface. The calculated formation energies 

increased from their bulk values for 𝑉𝐼 (1.16 to 2.71 eV), 𝐹𝐴𝐼 (1.27 to 4.56 eV), and 𝐼𝐹𝐴 (1.37 to 2.78 

eV), but decreased for 𝐼𝑖  (1.13 to 0.97 eV). The Fermi level (EF) dependence of the formation 

energies at the surface was further computed for 𝐼𝑖
𝑞, where q denotes the defect charge state (Figure 

A2.4). Negatively charged 𝐼𝑖
−  has the lowest formation energy across the bandgap among the 

different 𝐼𝑖
𝑞 charged states. Near the valence band maximum, the formation energies for 𝐼𝑖

0 and 𝐼𝑖
− 

are comparable and relatively low at ~1 eV. The position of the (𝑞/𝑞′) transitions (transition levels) 

relative to the bandgap determine the susceptibility of the defect to trap or release charge carriers, i.e. 

the depth of the (shallow or deep) trap state. The (0/-1) transition occurs 0.03 eV above the valence 

band edge, whereas the (+1/0) and (+1/-1) transitions occur within the valence band, indicating that 

𝐼𝑖  is a shallow hole trap with low formation energy. The theoretical results suggest that 𝐼𝑖 , 

predominantly in its 𝐼𝑖
− charged state (due to its relatively lower formation energy) is the likely 

generated species. Additionally, 𝐼𝑖
−  has a low migration activation energy,9,13,25 and is thus a 

plausible candidate to induce the J-V hysteresis. We further note that additional concurrent 

phenomena reported for MAPbI3 may perhaps also explain the benign nature of 𝐼𝑖
−, including kinetic 

deactivation due to a fast hole trapping/detrapping process.26  

We further probed the perovskite films using positron annihilation spectroscopy (PAS) to 

investigate the existence of the defects. A basic schematic of the measurement mechanism is shown 

in Figure A2.5. Positively charged positrons (antiparticle to the electron) are implanted from the 

perovskite surface and annihilate with electrons from a free lattice site or after trapping at negatively 

charged or neutral (but not positive) vacancies and/or interstitial defects to emit two gamma 

photons.27–29 The shape (S) parameter is then extracted from the doppler broadening of the gamma 

spectrum at each implantation depth. The S parameter increases with increasing density of defect 
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sites.27,28 Here, we varied the implantation depth of the positron by changing its kinetic energy (Ek) 

to investigate the depth dependent defect density. The results show that the S parameter of the films 

near the top surface (mean depth <10 nm, shaded in yellow in Figure 2.1c) is higher with increasing 

surface treatment concentration, indicating a higher density of negatively charged or neutral defects 

at the surface region. Notably, an inverse uptick (Figure 2.1c) right at the top surface (mean depth 

<0.2 nm) is observed for the treated films, but not the control film. The selective enhancement in 

defect density and thus S parameter at the top surface (Ek <0.8 keV, mean depth <0.24 nm) compared 

to the bulk region (0.8 keV<Ek <6 keV, 6.73 nm<mean depth <170 nm) is more obviously seen in 

Figure 2.1d.  

Together with the theoretical and device results, the selectivity of PAS to detect only 

negatively charged or neutral defects supports the generation of 𝐼𝑖
−, i.e. 𝐼−occupying an interstitial 

site. 𝐼3
− occupying an interstitial site is equivalent to the 𝐼𝑖

+point defect,26,30 since 𝐼𝑖
+ consists of one 

central 𝐼+ bounded by two 𝐼− (coordinating with Pb) on both sides,30 i.e. the trimer structure of  𝐼3
−. 

The dripping solution consists of 𝐼3
− in dynamic equilibrium:3 

𝐼2 + 𝐼
− ↔ 𝐼3

− 

We thus speculate that the 𝐼− can possibly be generated from 1) the evaporation of 𝐼2 upon post-

treatment annealing shifts the dynamic equilibrium towards the reactants to form 𝐼− according to Le 

Chatelier`s principle, and/or 2) the thermal decomposition of 𝐼3
−  into 𝐼−  from the annealing.31 

Further PAS measurements on samples surface treated without annealing (Figure A2.6) support this, 

in that 𝐼− must have been generated from some back reaction, and that 𝐼3
− (𝐼𝑖

+) cannot be detected 

by positrons. We can further exclude any post-treatment induced damage (discussed below). 

Regardless of the source of 𝐼−, the results suggest that surface treatment with organic iodide salts can 

unintentionally generate shallow 𝐼𝑖
− defects. 

2.2 Accelerated phase degradation due to iodine interstitial defects 

 

Although the generated 𝐼𝑖 seem to not act as non-radiative electronic traps, we speculated that 

the intrinsic stability of the perovskite may be affected.32,33 Specifically, it was shown that excess 𝐼2 

added to MAPbI3 accelerated its degradation into PbI2 due to an intrinsic degradation pathway 

whereby the excess 𝐼− in the perovskite undergoes an autocatalytic chain reaction with self-generated 
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𝐼2 vapor.32 Similar degradation by 𝐼2 vapor was also observed for FAPbI3. 𝐼2 vapor inevitably and 

readily self-forms from within the perovskite32,33 during PSC operation due to the effect of 

illumination,14,33 oxygen,15 heat,14,16,33 or even applied bias.17,34 Importantly, PSC encapsulation 

cannot fully resolve this intrinsic self-degradation. To test whether surface 𝐼𝑖 defects has a similar 

detrimental role on FAPbI3, we intentionally exposed the perovskite films to 𝐼2 vapor in a nitrogen 

glovebox as with the previous study.32 

The phase and morphology evolution of the films were monitored by X-ray diffraction (XRD) 

and atomic force microscopy (AFM) measurements in Figure 2.2. The crystallinity, phase purity, 

morphology, and surface roughness of the fresh films were essentially the same irrespective of 

surface treatment as seen in Figure 2.2a, Figure 2.2b and Figure A2.7. The fresh films were 

dominated by the cubic α-FAPbI3 phase with its characteristic peaks at ~14.1° and ~28.2° 

corresponding to the (001) and (002) diffraction planes. A small peak at ~12.6° corresponding to the 

(001) plane of PbI2 is visible with comparable intensities for all films. After 5 min exposure to 𝐼2 

vapor, the intensity of the α-FAPbI3 peaks decreased with emergence of a new peak at ~11.8° 

corresponding to the (010) plane of the hexagonal δ-FAPbI3 non-perovskite phase. With increased 

exposure to 𝐼2 vapor, the α-FAPbI3 phase incrementally degraded into the δ-FAPbI3 phase. The PbI2 

peak intensity remained approximately unchanged, highlighting a different degradation pathway 

compared to MAPbI3.
32 Notably, the PbI2 peak intensity is comparable for all films even after the 35 

min exposure. Figure 2.2a plots the evolution of the δ(010):α(100) peak ratios for the films with 

exposure time. We observed that the films degraded more rapidly with increased surface treatment 

concentration. This is supported by the 3D AFM topography images of Figure 2.2b. All the fresh 

films were compact and uniform with grain sizes on the order of ~1 μm. The surface root-mean-

square roughness (𝑅𝑞) of the fresh films were comparable (~30 nm). With increased exposure, 𝑅𝑞 of 

the 30 mM treated film was observed to increase more rapidly than the control film, likely due to an 

accelerated recrystallization (phase transition) into the δ-FAPbI3 phase: 𝑅𝑞  of the treated film 

increased to 71.0 nm and 137.0 nm after 15 min and 35 min exposure, respectively. In contrast, 𝑅𝑞 

of the control film increased from 29.7 nm to 39.3 nm to 79.7 nm over the same time period.  

The accelerated degradation of cubic α-FAPbI3 without forming PbI2 suggests that the 

activation energy barrier for the α-FAPbI3-to-δ-FAPbI3 phase transformation is lowered by the 

presence of 𝐼𝑖. Since the phase transformation rate is exponentially proportional to the negative of 
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the activation barrier,35,36 we performed first-principles calculations to check for any changes in the 

transition energetics for the α-to-δ phase transformation of FAPbI3 (Figure 2.2c). Indeed, the results 

show that the activation barrier nearly halves from 689 meV to 354 meV with 𝐼𝑖 as compared to the 

defect-free case, correlating with the experimental observations. Therefore, the surface 𝐼𝑖  defects 

probably acted as preferred initiation points for the nucleation of the δ-FAPbI3 phase, which then 

propagate into the perovskite bulk to accelerate its degradation. A possible origin for the lowered 

transition barrier can be seen in the intermediate bond reconstruction processes between the defect-

free and defected structures (Figure 2.2d and Figure 2.2e), where 𝐼𝑖 diffuses to participate in the 

active breakage/reformation of the lattice. This is further seen in the transition states in Figure 2.2e 

and Figure A2.8, where 𝐼𝑖 coordinates with Pb in a face-sharing configuration, which is characteristic 

of the hexagonal crystal structure.37   

2.3 A possible mitigation strategy 

 

 In addition to the accelerated phase degradation, although shallow defects (e.g. 𝐼𝑖) by nature 

do not trap charges, the migration and accumulation of shallow defects at the opposite contact layers 

can screen the built-in electric field to negatively impact the device performance.38,39 In the longer 

term, shallow defects can possibly penetrate into the adjacent contact layers to induce irreversible 

chemical reactions.40,41 Given the possible generation of 𝐼𝑖  from depositing 𝐼−  at the perovskite 

surface during typical surface treatments, a solution would be to replace 𝐼− with an alternative anion. 

Ammonium iodide salts are usually synthesized via the neutralization reaction between an amine and 

hydroiodic acid. An alternative acid, which would be deprotonated to its conjugate base on 

neutralization, is thus the obvious choice. Our initial screening identified trifluroacetate (TFA¯) as a 

possible choice, given that the pKa of trifluroacetic acid (0.23) is sufficiently low to ensure that it 

reacts completely with most common amines.42 𝐼− as a counter anion functions to passivate iodine 

vacancy (𝑉𝐼) defects.21–23 Thus, the most crucial requirement for TFA¯ is to fulfill the same role.  

To assess this possibility, the density of states (DOS) of the defect-free, defected, and 

passivated surfaces are calculated as in Figure A2.9. With TFA¯, the electronic states formed by 𝑉𝐼 

is almost completed eliminated to restore the DOS profile of the defect-free case. The 𝑉𝐼 – TFA¯ 

interaction energy was calculated to be -4.01 eV, higher than the 𝑉𝐼 – 𝐼− interaction energy of -3.41 

eV (Figure 2.3a and 3b), suggesting that TFA¯ likely passivates 𝑉𝐼 more effectively.   

To verify our theoretical results, PSC devices were fabricated where the perovskite was post-
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treated with different ammonium cations. To generalize our approach, an aliphatic (octylammonium, 

OA), aromatic (phenylammonium, PEA) and zwitterionic (phenylalanine, PA) cation were chosen. 

The average photovoltaic parameters of the devices are summarized in Table B2.2. Overall, all 

treated devices showed superior performance compared to the control, with all TFA¯ treated devices 

demonstrating higher PCEs attributed to an improved VOC and FF relative to their corresponding 𝐼− 

counterparts. 

Since the PA treated devices demonstrated the best photovoltaic performance, we focused on 

them to further investigate the differences between 𝐼− and TFA¯. Given that the perovskite surface 

chemistry may differ when an organic cation capping layer is present,43 we further probed the 

perovskite films on glass treated with either PAI or PATFA with Positron Annihilation Spectroscopy 

(Figure A2.10). The results show that the S parameter beyond the passivation layer/perovskite 

interface is higher with PAI treatment, supporting the generation of 𝐼𝑖 . Further computational 

calculations (Figure A2.11) like before on FAPbI3 slabs with PA+ as a top capping layer44 indicate 

that the formation energy for 𝐼𝑖
− (and 𝐼𝑖

0) are more negative (relative to the pristine surface in Figure 

A2.3) across the bandgap, indicating that its formation is even more energetically favorable. 

Furthermore, all transition levels occur within the VBM, confirming its shallow nature. 

Subsequently, additional devices were fabricated, and the distribution of their photovoltaic 

parameters are plotted in Figure 2.3c and Figure A2.12, and summarized in Table 2.1. The average 

PCE of the control devices was increased from 20.32 ± 0.35 % to 21.23 ± 0.36 % with PAI treatment 

and 21.84 ± 0.35 % with PATFA treatment. The performance enhancement of the treated devices is 

attributed to an improved VOC (1.073 ± 0.012 V to 1.103 ± 0.009 V with PAI treatment to 1.120 ± 

0.013 V with PATFA treatment) and FF (0.774 ± 0.012 to 0.786 ± 0.014 with PAI treatment to 0.796 

± 0.019 with PATFA treatment). The JSC of the devices were essentially the same at ~24.5 mA cm−2, 

and well-matched with the external quantum efficiency spectra of the devices with <4 % discrepancy 

(Figure A2.13).45 J-V curves of the champion devices are displayed in Figure 2.3d, with individual 

photovoltaic parameters summarized in parenthesis in Table 2.1. The champion PATFA treated 

device attained a reverse scan PCE of 22.98 % (JSC of 24.61 mA cm−2, VOC of 1.127  V, and FF of 

0.829), higher than that of the PAI treated device at 21.86 % (JSC of 24.62 mA cm−2, VOC of 1.101  V, 

and FF of 0.806). The champion control device had a PCE of 20.95 % (JSC of 24.67 mA cm−2, VOC 

of 1.079  V, and FF of 0.787). The stabilized power outputs (SPOs) are included in the inset of Figure 

2.3d and Table 2.1. The PATFA treated device achieved a champion SPO of 22.4 %, relative to the 
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21.4 % and 20.3 % of the PAI treated and control devices, respectively.  

We subsequently measured the steady-state photoluminescence (PL) of the perovskite films 

on glass to study their carrier recombination dynamics. Excitation wavelengths of 640 nm and 532 

nm were separately used, with the beam incident on the perovskite side. The excitation wavelength-

dependent penetration depths were calculated using the Beer-Lambert law and the perovskite 

absorption coefficients (Figure A2.14). Using the 640 nm excitation source (Figure A2.15), with an 

estimated absorption depth of ~200 nm, the steady-state PL peak intensity was minimally enhanced 

from 1.04 ×107 for the control film to 1.08 ×107 (3.8 % increase) and 1.14 ×107 (9.6 % increase) for 

the PAI and PATFA treated films, respectively. In contrast, using the 532 nm excitation source 

(Figure 2.3e), with an estimated absorption depth of ~80 nm and therefore more surface sensitive,46 

the peak intensity increased from 8.40 ×105 for the control film to 1.49 ×106 for the PAI treated film 

(77.4 % increase) and 1.88 ×106 for the PATFA treated film (123.8 % increase). The excitation 

wavelength-dependent steady-state PL enhancement confirms that surface treatment of the 

perovskite films was responsible for their increased radiative recombination. Time-resolved 

photoluminescence (TRPL) of the films was then measured, with the decay profiles fitted with a 

mono-exponential decay function (Figure 2.3f). The extracted carrier lifetimes of the films increased 

from 871 ns to 1106 ns to 1447 ns for the control, PAI treated, and PATFA treated films, respectively. 

The elongated carrier lifetimes of the treated films indicate a suppression of defect-mediated non-

radiative recombination, and likely contributed to the observed VOC and FF improvements. High-

resolution Pb 4f X-ray photoelectron spectroscopy (XPS) spectra of the films (Figure A2.16) indicate 

that the PATFA treated film has a stronger interaction with Pb as seen by the peak shifts to higher 

binding energy, corroborating its theoretically predicted stronger binding with 𝑉𝐼. It may also indicate 

that TFA¯ passivates Pb-related deep traps such as 𝑃𝑏𝐼 antisite defects and/or Pb clusters, which are 

known to form deep traps in perovskites.47–49  

2.4 α-FAPbI3 phase stability of the perovskite films   

 

To examine the α-FAPbI3 phase stability of the PA-treated perovskites, we exposed the films 

to 𝐼2 vapor as with before, with the δ(010):α(100) peak ratios extracted from the XRD spectra of 

Figure A2.17. As presented in Figure 2.4a, both PAI or PATFA treatment enhances the α-FAPbI3 

phase stability upon exposure to 𝐼2 vapor, but the PATFA treated film proved to be the most stable. 

After 80 min exposure, the δ(010):α(100) peak ratios of the control, PAI treated and PATFA treated 
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films were 5.04, 3.92, and 0.84, respectively. 

 To further verify the phase stability, we also exposed the films to a high relative humidity 

(RH) environment (RH 75 ± 10 %), where the α-to-δ phase transformation of FAPbI3 is also 

expected to be the dominant degradation mechanism for FAPbI3-based perovskites.18,50 

Photographs of the films with exposure time in eight-hour intervals are shown in Figure 2.4b, and 

their corresponding absorption spectra were monitored (Figure 2.4c and Figure A2.18). We 

sidenote that the bandgaps and absorption profiles of the films remained unchanged with surface 

treatment. The control film can be visibly seen to degrade completely to the yellow δ-FAPbI3 phase 

within 24 h of exposure. After 32 h, the PAI treated film has almost completely degraded to δ-

FAPbI3, whereas the black α-FAPbI3 phase of the PATFA treated film is mostly retained. The 

average absorbances at 600 nm after 32 h were 0.19, 0.45 and 1.22 for the control, PAI treated and 

PATFA treated films, respectively. This trend was also obvious in the XRD spectra of the films 

measured after the 32 h exposure, shown in Figure 2.4d and Figure A2.19. The characteristic α-

FAPbI3 peaks of the PATFA treated film is still dominant with a comparatively small trace of the 

δ(010) peak, whereas the α-FAPbI3 peaks of the control film are barely visible. The improved phase 

stability with PAI treatment is probably due to the defect passivation effects by PA+ and 𝐼−, 

evidenced by the improved PL intensity.46 We speculate that the more improved phase stability of 

the PATFA treated films is possibly due to 1) mitigating the unintentional generation of 𝐼𝑖, and 2) 

the more effective passivation of 𝑉𝐼 due to its stronger interaction with TFA¯. We further observed 

that the average water contact angle, shown in Figure A2.20, of the PATFA treated films (73.4 ± 

2.8°) is comparable to that of the PAI treated films (71.8 ± 2.0°). This indicates that the 

hydrophobicity of the treated films was similar despite the fluorine moiety of TFA¯, and as such is 

likely not the main contributor to the improved phase stability.  

Additionally, we investigated the phase stability (and device performance) of the films as a 

function of PAI concentration (Table B2.3, Figure A2.21, and Figure A2.22). With increasing PAI 

concentration, the device performance decreases due to noticeable drops in FF and JSC, likely due to 

a higher series resistance from the thicker (hydrophobic but resistive) capping layer. In contrast, at 

low PAI concentrations, the phase stability improves due to the thicker hydrophobic capping layer to 

impede moisture penetration. With even higher PAI concentrations however, we observed aggravated 

phase instability, which we speculate is due to the generated iodine interstitials outcompeting the 

thicker capping layer to result in a net worsening of the phase stability. The SPO decayed more 
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rapidly with increasing PAI concentration, likely due to both the thicker capping layer and generated 

iodine interstitials, but it is difficult to decouple both contributions.  

2.5 Operational stability of the perovskite solar cells  

 

To assess the operational stability of the PSCs, encapsulated devices were subjected to 

continuous illumination at a temperature of ~40°C and under open-circuit condition (see 

Experimental Procedures for details). In addition to the phase instability of FAPbI3 based PSCs, the 

migration of ionic defects under the light-induced potential gradient is expected to be the major 

degradation mechanism during PSC operation.9,10,50,51 Notably, shallow defects are theoretically 

predicted to have low migration activation energies.9,12,25 Defect migration is most severe under 

open-circuit condition (versus maximum power point tracking) due to the uncompensated built-in 

potential induced by illumination.52,53  

Figure 2.5a plots the evolution of the SPOs of the devices with time. The degradation 

profiles can be separated into two regimes, where an initial rapid ‘burn-in’ regime for the first ~80 

h is subsequently followed by a slower near linear decay.10,54,55 The rapid ‘burn-in’ decay was 

attributed to the redistribution of charged defects, while the slower decay was ascribed to 

irreversible chemical reactions due to the migration.10 The control, PAI treated and PATFA treated 

devices retained 77.3 %, 84.3 % and 94.2 % of their initial SPOs after the ‘burn-in’ phase, 

indicating the most reduced defect density with PATFA treatment. Subsequently, the 𝑇90, defined 

as the linearly extrapolated time taken for the SPO to degrade to 90 % of its post ‘burn-in’ 

value,10,50,54 is obtained by fitting the post burn-in region with an almost linear degradation profile. 

The average 𝑇90 of the control devices was enhanced from 383 h to 866 h with PAI treatment (126 

% increase). Even more impressively, the average 𝑇90 of the PATFA treated devices was 2,034 h, a 

432 % and 135 % increase over the control and PAI treated devices, respectively. After 971 h, the 

devices retained 52.7 %, 73.7 % and 89.2 % of their initial SPOs for the control, PAI treated and 

PATFA treated devices, respectively. The most stable PATFA treated device (Figure 2.5b) 

retained 92.1 % of its initial SPO after the 971 h testing. The most improved operational stability of 

the PATFA treated devices is likely due to 1) avoiding the generation of 𝐼𝑖, and 2) more effectively 

passivating 𝑉𝐼 – which are both theoretically predicted to have low migration activation 

energies,9,12,13 and 3) their superior α-FAPbI3 phase stability. 
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2.6 Conclusion 

 

In this work, through a systematic series of experimental and theoretical results, we unraveled 

the possible generation of 𝐼𝑖 defects at the perovskite surface from commonly used post-fabrication 

treatments. Regardless of its shallow nature, it was found that 𝐼𝑖  accelerates the degradation of 

FAPbI3-based perovskites by lowering the cubic-to-hexagonal transformation energy barrier. We 

further demonstrate that concurrently avoiding the generation of 𝐼𝑖 and the more effective passivation 

of 𝑉𝐼 by using TFA¯ as an alternative counter anion can simultaneously improve the photovoltaic 

performance, thermodynamic phase stability, and operational stability under continuous illumination 

of the PSCs. Consequently, our champion PSC devices showed a more than five-fold increased 

average 𝑇90 lifetime over the control devices under operational stability testing. This work sheds light 

on the detrimental role of shallow defects on the long-term stability of PSCs, highlighting the need 

to be mindful of them to achieve further stability improvements. 

 

Figure 2.1. Experimental and theoretical indications of iodine interstitial defects. a, Current 

density and voltage (J-V) curves of the control and treated devices in reverse (1.2 V to -0.1 V) and 

forward (-0.1 V to 1.2 V) scans. Insets are the stabilized power output (SPO) measurements of the 

corresponding devices. Horizontal grey line marks the initial SPO. b, Bulk and surface formation 

energies of neutral iodine related point defects in FAPbI3 perovskite. Bulk values reproduced from 

reference.7 c, Positron Annihilation Spectroscopy (PAS) depth-profiling of the control and treated 
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perovskite films on glass. Solid lines are fitted plots. Yellow shaded areas indicate the top surface 

region of the films. d, Extracted surface and bulk shape parameters of the perovskite films. Yellow 

shaded areas demarcate the upper and lower bounds for the control. 

 

Figure 2.2. Accelerated phase instability of the treated perovskite films. a, Hexagonal δ(010)-

to-cubic α(100) X-ray diffraction (XRD) peak intensity ratio of the control and treated perovskite 

films as a function of exposure time to iodine vapour. b, 3D atomic force microscopy topography 

images of the control and treated perovskite films after different exposure times to iodine vapour, 

showing the surface root-mean-square roughness (𝑅𝑞). Scale bar is 1 μm. c, Simulated energy 

pathway for the cubic-to-hexagonal phase transition with or without 𝐼𝑖
 defect. The activation energy 

barriers are included on the right. Evolution of the atomic arrangements for the d, defect-free, and 

e, with iodine interstitial (green spheres) lattices during the α-FAPbI3-to-δ-FAPbI3 transformation. 
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Only one unit cell is shown. Atoms are expressed by spheres; iodine (purple), lead (grey), carbon 

(brown), and nitrogen (blue).  

 

Figure 2.3. Device performance and photoluminescence properties of the control and treated 

perovskites. Top view of the slab models used for the a, VI - 𝐼− and b, VI - TFA¯ interaction energy 

(Eint) calculations. Only the first and second (blurred) layers of the slab are shown. Atoms are 

expressed by spheres; iodine (purple), carbon (grey), nitrogen (blue), oxygen (red), and fluorine 

(green). c, Power conversion efficiency (PCE) distribution of the control and treated devices. d, 

Current density and voltage (J-V) curves of the champion devices in reverse (1.2 V to -0.1 V) and 

forward (-0.1 V to 1.2 V) scan. Inset is the stabilized power output (SPO) of the champion devices. 

e, Steady-state photoluminescence (PL) spectra of the perovskite films on glass probed with an 

excitation wavelength of 532 nm. f, Normalized time-resolved PL spectra of the perovskite films on 

glass. Solid white lines are the fitted profiles using a mono-exponential decay function.  
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Figure 2.4. α-phase stability of the control and treated perovskite films. a, Hexagonal δ(010)-

to-cubic α(100) X-ray diffraction (XRD) peak intensity ratio of the control and treated perovskite 

films as a function of exposure time to iodine vapour. b, Photographs and c, absorbance at 600 nm 

of the perovskite films exposed to RH 75 ± 10 % with time. d, XRD diffractograms of the 

perovskite films after exposure to RH 75 ± 10 % for 32 h.  
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Figure 2.5. Operational stability of the perovskite devices. a, Normalized stabilized power 

output (SPO) of encapsulated control and treated devices under continuous illumination (90 ± 10 

mW cm-2) under open‐circuit condition. b, Normalized SPO of best-performing device with 

PATFA treatment. Dashed lines are linear fits to extract the device 𝑇90 lifetime. Shaded areas mark 

the ‘burn-in decay’ regime.  

Table 2.1. Distribution of the device photovoltaic parameters. Average photovoltaic parameters 

of the control and treated devices. Parenthesis indicate parameters measured from champion 

devices for each condition. Abbreviations are open-circuit voltage (VOC), short-circuit current 

density (JSC), fill factor (FF), power conversion efficiency (PCE), and stabilized power output 

(SPO). 

 
VOC  

(V) 

JSC  

(mA cm−2) 

FF 
PCE 

(%) 

SPO 

(%) 

Control 

1.073 ± 

0.012 

(1.079) 

24.45 ± 0.12 

(24.67) 

0.774 ± 

0.012 

(0.787) 

20.32 ± 

0.35 

(20.95) 

20.3 

w/ PAI 

1.103 ± 

0.009 

(1.101) 

24.49 ± 0.13 

(24.62) 

0.786 ± 

0.014 

(0.806) 

21.23 ± 

0.36 

(21.86) 

21.4 

w/ 

PATFA 

1.120 ± 

0.013 

(1.127) 

24.51 ± 0.10 

(24.61) 

0.796 ± 

0.019 

(0.829) 

21.84 ± 

0.35 

(22.98) 

22.4 
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Chapter 3 Surface Reconstruction of Halide Perovskites during Post-treatment 

 
The record performance of single-junction halide perovskite solar cells (PSCs) have now 

exceeded 25 %.1 Important breakthroughs on defect passivation strategies have contributed to the 

rapid performance improvements in recent years.2,3 However, achievable voltage losses are still short 

of the theoretical limit. More importantly, it has become apparent that the migration and redistribution 

of charged point defects by a potential gradient is known to underly the operational instability of 

PSCs,4–6 and this remains one of the major challenges of perovskite photovoltaics. 

 It has been reported that defect states causing non-radiative losses are dominantly located 

towards the top surface of halide perovskites.7,8 This has motivated the development of surface 

passivation strategies by post-treatment of the perovskite film surface.9 However, understanding of 

the complex reconstruction processes that can occur during the surface treatment procedures and any 

resulting changes to the interfacial charge dynamics are still lacking. This is urgently needed for 

targeted surface treatment strategies to minimize trial-and-error approaches. For this purpose, in situ 

spectroscopy is suited to monitor occurring changes on relevant time and length scales.10–13 

In this study, we investigate the mechanistic reconstruction processes occurring at the 

perovskite surface during post-fabrication treatments. Through complementary surface-sensitive 

techniques, we observed the generation of defects and a reconstruction towards a more PbI2-rich 

surface as isopropyl alcohol (IPA) is spun onto the surface. We show that this reconstruction has 

important implications on the thermodynamics and energetics of the perovskite surface. Importantly, 

our observations suggest that IPA assists in the anchoring process of organic ammonium salts to the 

perovskite surface.  

IPA is ubiquitously used as the solvent to dissolve organic ammoniums for surface treatments, 

but formamidinium iodide (FAI), itself with the amidinium functional group, is also soluble in IPA. 

It is unclear what effects (if any) IPA has on the perovskite surface, given the short exposure 

timescales (~ms) at high rotation speeds (>4000 rpm). Conflicting results on the macroscopic bulk 

device/film properties have been reported. Beneficial improvements to film crystallinity, charge 

carrier dynamics, morphology, and device performance have been observed,14,15 while detrimental 

effects to device stability were also reported.16 To rationalize these contradictory results, we first 

attempted to explore the microscale phenomena occurring at the surface. Significantly, IPA remains 

perhaps a crucial solvent for post-treatment, since the most common surface passivating agents, such 
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as phenylethylammonium iodide (PEAI) and octylammonium iodide (OAI), are essentially insoluble 

in low polarity solvents such as chloroform (CF) (Figure A3.1). 

The control perovskite is based on a FAPbI3 composition with 5 mol% of added MAPbBr3 

fabricated by a one-step antisolvent quenching method. We monitored the photoluminescence (PL) 

of an as-fabricated perovskite film in situ with a 405 nm excitation wavelength (Figure 3.1a) in a 

nitrogen glovebox (<0.5 ppm O2/H2O). The laser penetration depth was estimated to be ~50 nm 

(Figure A3.2), and therefore sensitive to any potential changes in the surface charge carrier 

recombination behavior. The PL intensity abruptly decreased (23 % decrease) with a broadening and 

redshifting of the PL peak upon dropping IPA (Figure 3.b, Figure 3.1c, Figure A3.3a). In general, 

this is indicative of increased nonradiative carrier recombination, which implies the generation of 

charge-trapping defect states. Time-resolved PL (Figure A3.3b) of the perovskite films further 

support this, where the carrier lifetime fitted with a mono-exponential decay function decreased from 

1,021 to 793 ns for the control and IPA treated films, respectively. The PL intensity (and FWHM) is 

observed to gradually recover with time, possibly due to trap-filling by photo-generated carriers,17 as 

also seen in the control film without treatment (Figure A3.3c, Figure A3.3d).  

We further investigated the distribution and nature of the generated defects using Positron 

Annihilation Spectroscopy (PAS). Positrons are implanted from the film surface and annihilate with 

electrons after trapping at negatively charged (or neutral) defects to emit two gamma photons. The 

incident kinetic energy is controlled to vary the positron implantation depth (Figure 3.1d, Figure 

A3.4), from which the depth-resolved defect density of the film can be investigated. The treated film 

had a higher Shape parameter within ~40 nm from the film surface, implying the generation of 

negatively charged (or neutral) defects at the top surface region. We speculate that the formed defect 

is possibly FA vacancy (𝑉𝐹𝐴
′ ), given the solubility of FAI in IPA.  

The implied existence of 𝑉𝐹𝐴
′  suggests that iodine vacancy (𝑉𝐼

•) was likely generated 

concurrently, but PAS is unable to ascertain this due to its insensitivity to positively charged 

defects (i.e. 𝑉𝐼
•).18,19 We therefore further probed the films with high-resolution X-ray 

Photoelectron Spectroscopy (XPS). The I:Pb ratio, calculated from the integrated areas of the Pb 4f 

doublet and I 3d5/2 peak (Figure 3.2a), was 2.45 for the control film, and decreased to 2.04 for the 

treated film to approach that of stoichiometric PbI2. We note that the ultra-high vacuum 

environment of the XPS instrument (~10-7-10-8 torr) may have accelerated the outgassing of the 

volatile halide,20,21 and therefore only relative comparisons would be reliable. Closer inspection of 
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the XPS spectra further showed that all of the Pb 4f5/2 (143.19 eV to 143.13 eV), Pb 4f7/2 (138.32 

eV to 138.25 eV), and I 3d5/2 (619.15 eV to 619.08 eV) characteristic peaks shifted to lower 

binding energies for the treated film when compared to the control, suggesting a change in the 

surface chemical environment. Together with the observed change in the I:Pb ratios, the shift 

direction and final peak positions is consistent with the formation of PbI2 for the treated film.22 The 

existence of PbI2 was directly detected by Grazing Incidence X-ray Diffraction (XRD) at an 

incident angle of ω = 0.2° (penetration depth ~60 nm, see Methods for estimation) (Figure 3.2c, 

Figure 3.2d). Moreover, the PbI2:FAPbI3 peak intensity ratio was observed to decrease at an 

incident angle of ω = 1.0° (penetration depth ~310 nm), suggesting that the PbI2 is located more 

towards the top perovskite region. Combining the experimental observations together, we thus 

propose the following reconstruction of the perovskite film surface during post-treatment, by a 

dissolution reaction process induced by IPA: 

𝐹𝐴𝑃𝑏𝐼3 (𝑠)
IPA
→ 𝐹𝐴𝐼 (𝑖𝑛 𝐼𝑃𝐴) + 𝑃𝑏𝐼2 (𝑠) + 𝑉𝐹𝐴

′ + 𝑉𝐼
• 

We now discuss some possible implications of this inferred surface reconstruction. 

Ultraviolet Photoelectron Spectroscopy (UPS) was used to investigate any band structure changes at 

the surface. The fermi level was observed to downshift from -4.68 eV for the control film to -4.77 

eV for the film treated with IPA (Figure 3.2b), indicating a more p-doped surface for the latter 

relative to the bare perovskite surface. The overall band structure of the treated surface further 

downshifted relative to the vacuum level due to the deeper valence band maximum (inset of Figure 

3.2b), consistent with a relatively more FAI deficient surface.23 This possibly creates a more 

beneficial band bending going from the perovskite bulk to the surface contacting a hole-transporting 

material (Figure A3.5a). The surface PbI2 for the treated film may additionally contribute to 

interfacial passivation.24 In reality, however, we observed that the treated device performance was 

inferior to the control with a more pronounced current-voltage hysteresis (Figure A3.5b, Figure 

A3.5c), likely due to the generated vacancy defects, given that defect migration (due to the bias 

potential) is known to underly the hysteric behavior.4,9 

First-principles density functional theory (DFT) calculations were performed on slabs based 

on the deduced reconstruction to compare their thermodynamics and energetics. We note that 

realistically, the perovskite surface is expected to be a complex amalgamation of exposed atoms, 

local atomic pairing/reorientation, and defected.25 However, simplified slab models are necessarily 
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required to reduce computational complexity. Nevertheless, relative comparisons can be made based 

on the predicted results. Experimental investigations have observed that the pristine perovskite 

surface (without treatment) is terminated mostly by organic halides,26,27 which is also supported by 

computational results.28 Our results imply that IPA reconstructs the surface towards a relatively more 

PbI2-rich surface. We chose the two extreme cases of complete FAI termination (Figure 3.3a) and 

PbI2 termination (Figure 3.3b) to model the pristine (control) and reconstructed (treated) surfaces, 

respectively, again noting that the models are used to predict relative trends.      

The predicted bandgap decreased while the ionization energy increased for the PbI2 

termination surface (Figure 3.3c), matching the in situ PL and UPS observations discussed. The 

surface energy more than doubled (1.54 to 3.24 eV nm-2) for the PbI2 termination surface, indicating 

that the surface became more thermodynamically unstable with treatment. This likely contributed to 

the observed aggravated instability of the treated films (Figure A3.6). The generated defects might 

additionally lower the FAPbI3 cubic-to-hexagonal phase transformation activation energy barrier to 

also accelerate the degradation.29 Given the increased surface energy, we postulated that organic 

ammonium salts may preferentially adsorb onto the treated surface. We further calculated the 

formation enthalpy to attach the widely used passivation agents OAI or PEAI to the surfaces (Figure 

3.3d). The adsorption enthalpies for both were significantly more negative on the PbI2 termination 

surface – for OAI, -0.78 versus -1.88 eV (141% increase), and -0.9 versus -3.75 eV for PEAI (317% 

increase), suggesting that the surface reconstruction plays a vital role in the passivation process. 

The more negative adsorption enthalpies imply that ammonium salts are thermodynamically 

more favored to adsorb onto the treated surface. We investigated this with a modified 2-step surface 

post-treatment process (Figure A3.7). Initially treating a perovskite film with pure IPA before 

subsequently depositing octylammonium bromide (OABr) in CF (at the same concentration) further 

improved the device photovoltaic performance (Figure 3.3e). The champion device surface treated 

with the modified 2-step approach reached a power conversion efficiency of 22.9 % in reverse bias 

(Figure 3.3e) with negligible current-voltage hysteresis, relative to the 22.4 % of the 

conventionally treated device. The improved performance was attributed to increases in the device 

open-circuit voltage (1.129 V to 1.146 V) and fill factor (79.1 % to 79.6 %), which is indicative of 

an enhanced defect passivation effect with the modified 2-step treatment. Therefore, the 

observations support the theoretical predictions that IPA assists in the adsorption process of 

ammonium salts to the surface and thus the passivation of defects. The surface is first reconstructed 
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by removing FAI to expose the undercoordinated Pb2+ (i.e. 𝑉𝐼
•) for the ammonium groups to bond 

with by electrostatic coulomb interactions and/or hydrogen bonding. 

We speculated that the PL evolution as OAI or PEAI (in IPA) is deposited on the surface 

may be related to their adsorption enthalpies. Further measurements show that although both 

treatments led to instantaneous PL enhancements immediately upon deposition (Figure 3.3f, 

Figure 3.3g, Figure A3.8), the PL intensity subsequently decayed ~10 s after deposition only for 

the OAI treated film. With the PbI2 termination surface, the computed adsorption enthalpies imply 

a significantly weaker interaction of OAI (relative to PEAI) with the perovskite surface, which may 

possibly be correlated with the differing PL dynamics. On the other hand, the adsorption enthalpies 

are negligibly different when calculated using the FAI termination surface, which may be 

challenging to reconcile with the experimental observation. We also monitored the recombination 

dynamics with further in situ PL measurements during annealing (Figure A3.9a, Figure A3.9b). A 

rapid initial exponential decay in PL intensity was observed for both films due to increased phonon 

scattering at elevated temperatures.10,12 However, only the OAI treated film counteracted the initial 

drop to eventually increase its PL intensity due to the activated defect passivation effect. The 

evolution and emission characteristics of the wide bandgap phases notably differ between the OAI 

and PEAI treated films, and will be the subject of future investigations (Figure A3.9c, Figure 

A3.9d, Figure A3.9e). 

In summary, we observed a reconstruction of the perovskite top surface induced by IPA, 

which is ubiquitously used as the solvent for surface treatment with organic ammonium salts. We 

discussed several implications of this reconstruction on the perovskite surface energetics and 

thermodynamics. Importantly, given the profound differences between the reconstructed surface 

and the perovskite bulk/pristine surface, these results will guide further experimental and 

theoretical investigations of the perovskite surface and surface passivation strategies. 
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Figure 3.1. Defect generation by IPA treatment. (a) Schematic of the in situ PL measurement 

during IPA post-treatment. (b) In situ PL contour plot of a perovskite film undergoing surface 

treatment with IPA dropped at around 53 s. (c) Evolution of the PL parameters extracted from fitting 

(b). (d) PAS depth-profiling of the perovskite films. 
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Figure 3.2. Characterizations of the perovskite films. (a) High-resolution XPS spectra of the Pb 

4f and I 3d5/2 peaks of the perovskite films. Inset includes the calculated I:Pb ratios of the films. 

Solid lines are fitted plots. Dashed vertical lines demarcate the peak positions for the control film. 

Intensities are normalized to Pb 4f peak. (b) UPS spectra of the perovskite films. Inset includes a 

schematic band diagram of the energy levels based on the UPS measurements. GIXRD diffraction 

patterns of the perovskite films measured with an incident angle of (c) ω = 0.2° and (d) ω = 1.0°. 
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Figure 3.3. Surface reconstruction and its implications. (a), (b) Theoretical slab models for first-

principles DFT calculations. Atoms are colored black (lead), red (iodine), gray (nitrogen), and blue 

(hydrogen). (c) Calculated surface physiochemical properties. The asterisk indicates that surface 

energy is in units of eV nm-2. (d) Enthalpy of adsorption of either PEAI or OAI on the surfaces. (e) 

Current density-voltage curves of devices treated with 10 mM OABr in CF. Inset includes the 

measured photovoltaic parameters. Brackets indicate parameters measured in forward bias. In situ 

PL contour plots of perovskite films undergoing surface treatment with (f) 10 mM OAI or (g) 10 

mM PEAI in IPA. 
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Chapter 4 Stability-limiting heterointerfaces of perovskite photovoltaics 

 
Optoelectronic devices consist of heterointerfaces formed between dissimilar 

semiconducting materials. The relative energy level alignment between contacting semiconductors 

determinately affects the heterointerface charge injection and extraction dynamics. For perovskite 

solar cells (PSCs), the heterointerface between the top perovskite surface and a charge-transporting 

material (CTM) is often treated for defect passivation1–4 to improve PSC stability and performance. 

However, such surface treatments could also affect the heterointerface energetics.1 Here we show 

that surface treatments may induce a negative work function shift (i.e. more n-type), which 

activates halide migration to aggravate PSC instability. Therefore, despite the beneficial effects of 

surface passivation, this detrimental side effect limits the maximum stability improvement 

attainable for PSCs treated in these ways. This trade-off between the beneficial and detrimental 

effects should guide further work on improving PSC stability via surface treatments. 

Progress in compositional and crystal growth engineering have made possible the 

fabrication of halide perovskite thin films with minimized bulk trap density, such that defects are 

predominantly located at the surface.5,6 This has motivated the development of defect passivation 

treatments applied onto the top perovskite surface.1–4 However, such treatments could also change 

the heterointerface energetics and thus charge carrier dynamics between the perovskite and top 

CTM.1 In this work, we study the consequences of the altered heterointerface energetics on carrier 

extraction, trap passivation, charge accumulation, and ion migration. We show that a negative work 

function change (ΔW) accumulates charges in a potential well, which lowers the halide migration 

activation energy to limit PSC stability. A negative ΔW is equivalently described as a negative 

vacuum level change (ΔEvac) at a heterointerface, and hereafter, ΔW and ΔEvac are used 

interchangeably.  

 

4.1 Perovskite surface and heterointerface dynamics 

 

The genesis of this study began with our investigations on the surface energetics of 

perovskite films, based on a (FAPbI3)0.95(MAPbBr3)0.05 composition. Ultraviolet photoelectron 

spectroscopy (UPS) measurements show that ubiquitously used iodide-based ammonium surface 

treatments generally result in a negative ΔW (Figure 4.1a, Figure A4.1, Table B4.1), successively 

increasing in magnitude with longer alkylammonium chain length. Given that a negative ΔW is 
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associated with a relatively more electron-enriched surface, we speculated initially that the negative 

ΔW can be modulated by increasing the electron-withdrawing ability of the counter-anion. Further 

UPS measurements (Figure 4.1b) showed that substitution of iodide [I]- with bromide [Br]-, 

tetrafluoroborate [BF4]
-, or trifluoroacetate [TFA]- progressively negated the negative ΔW of OAI 

treatment towards that of the Reference film, but only substitution with tosylate [TsO]- fully 

neutralized the negative ΔW. Particularly, among the counter-anions, [TsO]- has the strongest 

electron-withdrawing character,7 which also justifies its ubiquitous use as the leaving group in 

synthetic heterolytic fission chemistry. The interaction of [TsO]- with the surface is further verified 

by XPS analysis (Figure A4.2).  

Kelvin probe force microscopy (KPFM) measurements were performed to verify the work 

function distributions (Figure 4.1c-f). The mean work function of the OAI-treated film was 

decreased to 4.49 ± 0.09 eV, from 4.67 ± 0.08 eV of the Reference film, and in contrast with the 

4.77 ± 0.11 eV of the OATsO-treated film. From the topographical atomic force microscopy 

(AFM) maps, the surface morphology and root-mean-square roughness of the treated films were 

negligibly different (Figure 4.1g), expected given the dilute (but common) solution concentration 

used for surface treatment. Further comparisons of the height depth distributions and scanning 

electron microscopy (SEM) images also suggest that the surface uniformity is relatively similar for 

the treated films (Figure A4.3, Figure A4.4).  

 

4.2 Consequences of heterointerface energetics on charge carrier dynamics 

 

Band alignments constructed from the UPS results predict that a negative ΔEvac may create a 

potential well to trap charges at the heterointerface (Figure A4.5). Cross-sectional KPFM 

measurements under illumination in open-circuit condition were followed to investigate the real-

time charge carrier distributions in complete devices of planar architecture 

ITO/SnO2/perovskite/spiro-MeOTAD/Au (Figure A4.6, Figure A4.7, Figure A4.8). The measured 

device ΔEvac values at the perovskite/spiro-MeOTAD heterointerface are consistent with those 

obtained from the films (Figure A4.9). Charge carriers are unextractable in open-circuit condition 

(split quasi Fermi level), and might accumulate at a contacting selective heterointerface of the 

opposite polarity.8,9 This is observed as an accumulation of holes for both devices at the 

perovskite/SnO2 heterointerface (Figure 4.1h, i). In contrast, a pronounced electron accumulation 
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exists at the perovskite/spiro-MeOTAD heterointerface for only the OAI-treated device. The 

electron accumulation is noted to be significantly more severe than the counterpart hole 

accumulation. In principle, the ideal photovoltaic device would have a homogenous electric field 

distribution with no charge accumulation across its heterojunctions,10 which is seen for the OATsO-

treated device at its perovskite/spiro-MeOTAD heterointerface. Both devices were relatively field-

free (i.e. flat potential) along the active layer, indicative of a high-quality perovskite bulk, 

suggesting that the different behaviors were a consequence of the surface treatments. The results 

are consistent with those predicted based on the band diagrams (Figure A4.5), where the non-

negative ΔEvac of the OATsO-treated device avoided the potential well and charge accumulation.  

Photoluminescence (PL) spectroscopy indicates an effective suppression of charge-trapping 

defect states in the surface-treated films, as evidenced by their enhanced PL intensities and carrier 

lifetimes with a glass/perovskite architecture (Figure 4.2a, b). The defect passivation efficacies of 

the surface-treated films are noted to be relatively comparable. Comparing their PL intensity 

distributions indicate again that the surface uniformity is similar between the films (Figure A4.10). 

Despite the beneficial passivation effects, charge extraction into spiro-MeOTAD is sacrificially 

impeded in all surface-treated films (Figure 4.2c, Figure 4.2d, Table B4.2), but to different 

extents, with the trend correlated with the magnitude of ΔEvac. Compared to the Reference/spiro-

MeOTAD film, the average carrier lifetime (τave) more than doubled to 8.1 ns (from 3.0 ns) for the 

OAI-treated film and the steady-state PL intensity was 223% higher. In contrast, OATsO treatment 

simultaneously suppressed trap states while charge extraction is barely impeded, avoiding the trade-

off seen for OABF4 and OAI treatments. Further photo-transient measurements on complete 

devices complement the film PL results (Figure A4.11). We postulate that the charge obstruction 

and accumulation cannot be explained by the surface 2D phase, since the insulating large organic 

cation (OA+) is kept unchanged (Figure A4.12). 

 

4.3 Device performance and hysteresis behavior 

 

For the surface-treated devices, the power conversion efficiency (PCE) trends as OATsO-

treated > OABF4-treated > OAI-treated devices, due primarily to an increasing fill factor (FF) 

(Figure 4.2e, Figure A4.13). The device open-circuit voltages (VOC) are marginally different, 

reflective of the comparable PL results of the glass/perovskite films. The best OATsO-treated 
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device reached a PCE of 24.41% (Figure A4.14). We further verified the performance of 

encapsulated devices at an independent third-party laboratory, noting that the performance slightly 

decreased after the encapsulation procedure (Figure A4.15). Contrasting the surface-treated 

devices, the PCE trend can be explained as follows; firstly, a more negative ΔEvac deepened the 

valence band offset with spiro-MeOTAD, which increased hole extraction resistance to sacrifice 

FF. Additionally, the heterointerface barrier observed from the KPFM profiling may also 

contribute to impede charge extraction.9,11 Regardless, a negative ΔEvac remains the cause that gave 

rise to both effects. Separate investigations on a FAPbI3 composition further verified our 

observations (Figure A4.16).  

Comparing the surface-treated devices, the hysteresis behavior generally improved as the 

negative ΔEvac decreases in magnitude (Figure A4.17). This provided the first hint at a correlation 

between charge accumulation and ion migration, given that ion migration is responsible for PSC 

hysteresis.12,13 On the other hand, the Reference devices exhibited the lowest performance and 

worst hysteresis, due to the abundant, unpassivated heterointerface traps. Overall, the device 

performance results provide evidence for the sacrificial trade-off of a negative ΔEvac to limit PSC 

performance. 

 

4.4 Device stability under continuous illumination 

 

We assessed the photostability of encapsulated devices under continuous illumination 

without an ultraviolet filter. All devices were aged in ambient atmosphere at ~40 °C. We preserved 

the original device architecture with spiro-MeOTAD as the HTM, without applying further 

modifications (e.g. copper phthalocyanine (CuPC) or poly(triarylamine) (PTAA) were not used). 

Under maximum power point (MPP) testing (Figure 4.2f), the OATsO-treated device sustained its 

performance with negligible degradation after ~800 h. The OABF4-treated device was also 

relatively stable, retaining 91.5% of their performance after ~500 h. Among the surface-treated 

devices, the OAI-treated device degraded the most rapidly to 84.8% of their performance after 

~500 h.  

Contrasting the device degradation under MPP versus open-circuit condition (OC) testing, 

all devices were generally less stable under OC testing (Figure 4.2g, Figure A4.18). However, the 

device degradation trends are identical, and correlated with the magnitude of ΔEvac. Particularly, the 
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OABF4-treated devices with an intermediate negative ΔEvac exhibited stability between that of the 

OAI-treated and OATsO-treated devices. Near the approximate halfway point of 1,014 h, the 

devices retained 94.3% (OATsO-treated), 86.2% (OABF4-treated), and 74.8% (OAI-treated) of 

their average PCEs. Ending after 2,092 h, the OATsO-treated devices retained 87.0% of their initial 

PCE on average. On the other hand, the average PCE (65.1% of initial) of the OAI-treated devices 

decreased dramatically over the 2,092 h aging duration. The most stable OATsO-treated device 

(Figure 4.2h) retained 94.9% and 88.5% of its initial PCE after 1,014 h and 2,092 h, respectively.  

Analyzing the degradation trends, we postulated that the potential well and charge 

accumulation may have accelerated ion migration, considering that the KPFM profiling was also 

performed under illumination in open-circuit condition. Particularly, the more rapid “burn-in” 

decay of the OAI-treated and OABF4-treated devices, observed in both the MPP (Table B4.4) and 

OC tests, strongly hints that ion migration has been aggravated by a negative ΔEvac, given that 

transient ion migration underlies the “burn-in” regime.12,14,15 The altered ion migration energetics 

was also hinted by the device hysteresis behavior. Moreover, the 2D interlayer of conventional OAI 

treatment likely contributed to impeding ion migration,16 yet the OABF4 and OATsO-treated 

devices still had superior photostability, indicating that the ion migration energetics have been 

dominantly affected.  

 

4.5 Analyses of the degraded devices 

 

To directly investigate the extent of ion migration, upon completion of the OC stability 

testing, the original OAI-treated and OATsO-treated devices (after 2,092 h illumination) were sent 

for scanning transmission electron microscopy (STEM) analysis. The encapsulation cover glasses 

were detached immediately prior to focused ion beam (FIB) milling to extract sample cross-

sections. STEM bright field images of the planar device stacks reveal that the micron-scale grain 

sizes are still visibly intact even after the extended aging (Figure 4.3a, Figure 4.3b, Figure 

A4.19). The first significant difference between the two samples can be seen at the 

perovskite/spiro-MeOTAD heterointerface. The OAI-treated device had a rougher heterointerface 

morphology, which is in contrast with the negligibly different topography for the fresh films 

observed by AFM and SEM. This suggests that the roughening is inherent to the aging process, 

possibly associated with heterointerface degradation by ion migration-induced compositional loss. 
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The elemental distributions were compared by X-ray energy-dispersive (EDX) mapping in STEM 

(Figure 4.3c-f, Figure A4.20). On close inspection, large accumulations of both bromine (green 

arrows) and iodine (yellow arrows) can be seen for the OAI-treated device along the top 

gold/platinum region. This is verified by quantitative analysis of the elemental distributions (Figure 

4.3g-j). In consideration of the nominal stoichiometry of the perovskite, both bromine and iodine 

accumulation were approximately similar in order magnitude (Figure A4.21). We note that despite 

progress to completely rid the need for bromine in FAPbI3-based compositions,17,18 it was shown 

that bromine might remain necessary to stabilize the α-FAPbI3 phase in state-of-the-art devices.19 

The bulk devices that underwent FIB milling were further recovered and characterized by ω-2θ 

XRD (Figure A4.22). The δ-FAPbI3 peak supposedly at ~11.8° was not detected for both devices, 

and the α-FAPbI3 phase remained dominant, ruling out possible aggravation of the perovskite phase 

metastability by iodine interstitial generation.20  

 

4.6 Aggravated ion migration and device instability 

 

We further simulated the ion migration pathways using the first principles nudged elastic 

band (NEB) methodology. To model the charge accumulation at the perovskite/spiro-MeOTAD 

heterointerface, we calculated the activation energy for halide migration in either a neutral uncharged, 

or negatively charged environment. Two independent pathways were explored; 1) migration within 

a unit cell of a supercell (intra-lattice), and 2) migration escaping a supercell (extra-lattice) (Figure 

A4.23, Table B4.5). The intra-lattice migration (vacancy mediated) investigates possible coulombic 

screening effects by a charged environment to alter the bonding affinities and thus migration 

energetics,21,22 while the extra-lattice migration is defect-independent. For intra-lattice migration 

(Figure 4.4a), the energy barriers for both iodine (-38.7%) and bromine (-29.4%) decreased 

substantially in the negatively charged environment. Similarly observed for the extra-lattice scenario 

(Figure 4.4b), the activation energy for iodine migration (-13.3%) and bromine migration (-17.8%) 

were both lower in the charged environment. Per the Arrhenius relationship, the rate constant has 

exponential dependance on the activation energy barrier.   

Ion penetration can result in irreversible chemical reactions with spiro-MeOTAD to degrade 

its hole-transporting functionality,23 and also chemical corrosion of the top electrode layer,24 which 

potentially contributed to the VOC and FF decays of the devices. The robust encapsulation 
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procedure ruled out environmental degradation factors, indicating that intrinsic mechanisms (i.e. 

ion migration) were responsible, and also excluded trapped charges catalyzing extrinsic degradation 

pathways by moisture and oxygen.25 This is evidenced by the JSC retention for the devices, 

demonstrating the excellent phase stability of the active layers. By excluding ion migration, half-

device tests further indicate that the photostability of the surface-treated films are negligibly 

different (Figure A4.24). Tying together all results, we propose that the potential well and charge 

accumulation created by a negative ΔEvac aggravated device instability, by detrimentally 

accelerating halide migration at the spiro-MeOTAD/perovskite heterointerface. More generally, the 

beneficial improvements of surface treatments are sacrificially limited by a negative ΔEvac, but 

modulating the counter-anion presents a simple method to further improve PSC stability and 

performance. 

Backtracking, we also preliminarily explored the possible mechanistic origins of ΔEvac 

using first principles, summarized as follows: Ligand-induced ΔW originate from two independent 

contributions;26,27 1) the ligand intrinsic dipole moment (𝜇𝑑𝑖𝑝𝑜𝑙𝑒), and 2) a charge density 

displacement by ligand-surface interactions and bond formation (𝜇𝑐ℎ𝑎𝑟𝑔𝑒). The dipole moments of 

[OA]+
 and [TsO]-

 were +20.3 D and -10.5 D, respectively (Figure A4.25, 26). On the other hand, 

[TsO]- induces a striking negative surface charge displacement, �̅�, of -0.022 e, three-fold larger in 

magnitude than the positive �̅� of [OA]+
 (+0.006 e) (Figure 4.4c-e, Table B4.6). The negative �̅� sign 

of [TsO]- indicates a depletion of electrons from the surface, and is equivalent with a positive ΔW. 

This trend is reproducible even with defect states on the surface, or different surface concentrations 

and species (Figure A4.27, Figure A4.28, Table B4.7). Therefore, we speculate that simultaneous 

contributions from both 𝜇𝑐ℎ𝑎𝑟𝑔𝑒 and 𝜇𝑑𝑖𝑝𝑜𝑙𝑒 for [TsO]- synergistically counterbalanced [OA]+, to 

result in a net positive ΔEvac for OATsO treatment. More broadly, this proposes design principles 

for the ideal perovskite/CTM heterointerface. We preliminarily tested pairing [TsO]- with 

alkylammoniums with different chain lengths, but OATsO treatment yielded the best performance 

(Figure A4.29).  
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Figure 4.1. Perovskite surface and heterointerface dynamics. a, b, UPS secondary electron cut-

offs of various surface-treated perovskite films. Labels are BA: butylammonium, OA: 

octylammonium, DA: dodecylammonium. KPFM surface potential maps of the c, Reference, d, 

OAI-treated, and e, OATsO-treated films. Insets include the corresponding AFM topography 

images. All scale bars are 2 μm. f, Work function distributions and g, RMS surface roughness (Rq) 

of the films measured by KPFM and AFM, respectively. Charge density distribution profiles of the 

complete h, OATsO-treated and i, OAI-treated device cross-sections measured by cross-sectional 

KPFM. The devices were illuminated under open-circuit condition. Red error bars demarcate the 

estimated spatial resolution of ~30 nm.8,28 
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Figure 4.2. Charge carrier dynamics, performance, and photostability. a, Steady-state and b, 

time-resolved PL spectra of the glass/perovskite films. c, Steady-state and d, time-resolved PL 

spectra of the glass/perovskite/spiro-MeOTAD films. Included are the extracted lifetimes fitted 

with a mono-exponential decay function for (b) and bi-exponential decay function for (d). e, 

Histogram showing the PCE distributions of the devices. f, Photostability evolution with time of 

encapsulated devices aged under continuous illumination at maximum power point. P0 denotes the 

initial PCE. g, Photostability evolution with time of encapsulated devices aged under continuous 

illumination in open-circuit condition. Error bars represent the standard deviation of four devices 

for each condition. h, Photostability PCE evolution of the most stable OATsO-treated device aged 

under open-circuit condition. Included are the PCE retentions in approximately 500 h intervals.  
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Figure 4.3. STEM and EDX analyses of the aged devices. STEM bright field images of the aged 

a, OAI-treated and b, OATsO-treated device cross-sections. The OAI-treated device is seen to have 

a rougher heterointerface contacting spiro-MeOTAD. EDX elemental maps of bromine for the c, 

OAI-treated and d, OATsO-treated device cross-sections, and iodine for the e, OAI-treated and f, 

OATsO-treated device cross-sections. All scale bars in the STEM and EDX images represent 200 

nm. Elemental distributions of bromine for the g, OAI-treated and h, OATsO-treated devices, and 

iodine for the i, OAI-treated and j, OATsO-treated devices.  
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Figure 4.4. Physical origins of the experimental observations. Activation energy for the a, intra-

lattice and b, extra-lattice migrations of iodine or bromine calculated using first-principles NEB 

simulations. The forward migration pathways are indicated by the red arrows in the example 

simulated supercells. Charge displacement with c, [OA]+ or d, [TsO]-
 on the surface, superimposed 

on the defect-free slab models, and e, corresponding charge displacement profiles. Blue and yellow 

volumes on the slab models correspond to electron-depleted or electron-enriched regions, 

respectively.  
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Chapter 5 Steric Impediment of Ion Migration Contributes to Improved 

Operational Stability of Perovskite Solar Cells 

 
 In just a decade of unprecedented progress,1–8 the record power conversion efficiencies (PCEs) 

of lead halide perovskite solar cells (PSCs) have propelled from an initial 3.8% to over 23%. Despite 

the impressive evolution, the notorious instability of PSCs remains a major challenge standing in the 

way of commercialization. Accelerated degradation upon exposure to external environmental factors 

including moisture, heat, oxygen, or ultraviolet illumination have been well documented.9–13 More 

importantly, due to the ionic nature of perovskite materials, and the low formation14 and migration 

activation energies15,16 of the ionic species, a large number of the ions are mobile in the presence of 

a potential gradient, and this has been shown to have significant negative repercussions on the long-

term operational stability of PSCs since mobile ions can migrate towards and into the adjacent contact 

layers to rupture the perovskite lattice and degrade the charge extracting/transporting functionality 

of the contacting layers.15,17–19  

 Various strategies have been reported to enhance the stability of PSCs. Particularly, 

compositional engineering involves substituting or replacing the ‘A’ site cation or ‘X’ site anion in 

the APbX3 (X is one of or a mixed of I-, Cl-
 or Br-) perovskite lattice.20–22 Compositional engineering 

of the ‘X’ site anion by substitution of I- to create mixed halide compositions have been reported to 

enhance the chemical and environmental stability of PSCs,23–25 For instance, substitution of I-
 with 

the more electronegative Br-increases the bonding strength with the perovskite lattice to enhance its 

stability,26 but halide substitution increases the optical bandgap of the perovskite to sacrifice its 

photocurrent. Furthermore, mixed halide PSCs suffer from poor operational stability due to phase 

segregation of the halide anions under illumination.24,27  

On the other hand, modulation of the ‘A’ site cation has proven to be effective to enhance 

both the performance and stability without significantly altering the optoelectronic properties of the 

original perovskite composition. Compositional engineering of the ‘A’ site cation to incorporate 

formamidinium ((NH2)2CH+, FA), guanidinium (CH6N3
+, GA), Cs and/or Rb have delivered high 

efficiencies as well as significantly improved stability over the commonly used pure 

methylammonium (CH3NH3
+, MA) composition.28–30 However, the improved operational stability of 

mixed ‘A’ site compositions has yet been fully elucidated. For example, the substitution of MA for 

GA was previously shown to enhance the stability of the mixed MA/GA devices, attributed only to 
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the enhanced hydrogen bonding strength of GA with the lattice due to the two additional amine 

groups of GA.28 However, the improved stability was not fully elucidated in terms of changes in the 

local lattice structure which might be more closely related to ion migration. Particularly, the possible 

change in the ion migration pathway and energetics as a result of localized lattice distortions caused 

by the much larger size of GA relative to MA was not investigated. It was recently suggested that ‘A’ 

cation compositional engineering can introduce localized distortions to the perovskite lattice structure 

in an attempt to control the energetics of ion migration.31 However, it was challenging to decouple 

the steric impediment effect on ion migration due to the localized lattice distortions from the 

contribution of hydrogen bonding,31 which was not further correlated with device stability. 

Understanding the relationship between ‘A’ cation size, hydrogen bonding, ion migration, and device 

operational stability would provide essential knowledge towards designing more operationally stable 

perovskite compositions. 

In this work, we investigate the effect of ‘A’ cation size mismatch on the ion migration 

energetics and operational stability of PSCs. Partially substituting small MA with a larger ‘A’ site 

cation is expected to locally distort the perovskite lattice in order to fit the larger cation. The effect 

of this on the perovskite ion migration energetics has not been independently studied before due to 

the difficulty in separating the contributions of ‘A’ cation hydrogen bonding vs size. We 

systematically decoupled both effects by strategically choosing a suitable ‘A’ cation (acetamidinium 

(Ace), CH3C(NH2)
2+). Our work showcases a new strategy to utilize ‘A’ cation size mismatch to 

improve the operational stability of perovskites solar cells. 

 

5.1 Decoupling size versus hydrogen bonding effect 

 

   We first had to find a suitable ‘A’ cation that will allow us to study only the ‘A’ cation size 

effect and decouple the hydrogen bonding effect. From our initial screening, we thought that Ace 

(Figure 5.1a) might be suitable due to its ionic radius (277 pm)32 being considerably larger than MA 

(Figure 5.1b, 217 pm),33 and being similar in size with GA (Figure 5.1c, 278 pm).28 On the other 

hand, we speculated that Ace would probably have a weaker hydrogen bond interaction with the 

perovskite lattice due to its one less amine group compared to GA. The large size of Ace (or GA) 

means that the calculated tolerance factor (t) value of AcePbI3 of 1.03 is above the theoretical range 

by which the cubic perovskite structure can form.33 We confirmed that pure AcePbI3 does not form 
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the perovskite phase using X-ray diffraction (XRD) on the as-prepared AcePbI3 film (Figure A5.1). 

Conversely, MAPbI3 (t=0.91) is known to crystallize in the less symmetrical tetragonal I4/mcm phase 

at room temperature34 instead of the more ideal cubic phase since MA is too small. Partial substitution 

of MA with Ace to create a binary mixed cation AcexMA1-xPbI3 composition should compensate the 

two size extremes to tune the tolerance factor of MAPbI3 upwards to within the desired cubic phase 

range. If so, the unit cell would have to expand to accommodate space to fit the larger Ace.  

To empirically justify the choice of Ace for our study, we compared the hydrogen bonding 

interaction of MA, Ace and GA with the perovskite lattice using density functional theory (DFT) 

simulations. We modelled the ground state unit cell with the different ‘A’ cations and included the 

hydrogen bonds within a standard H-I bond length (2.5 – 3.5 Å)35 and N-H-I bond angle > 110° 

(Table 5.1) in accordance with the recommended definition of a hydrogen bond by IUPAC36 to arrive 

at the effective number of hydrogen bonds of Ace (3), MA (3), and GA (7), as shown in Figure 5.1d-

f. The results show that MA and Ace have the same number of effective hydrogen bonds, and is less 

than half that of GA. This is supported by the thermogravimetric (TGA) results (Figure A5.2). As 

previously reported, the steps at approximately 100 °C, 300 °C and 450 °C are due to the sublimation 

of DMSO, MAI and PbI2, respectively.37 We observed from the first derivative weight loss curves 

that the sublimination peaks around 350 °C is comparable for pure MAPbI3 and the Ace-containing 

perovskite, indicating that the hydrogen bond strengths of MA and Ace with the perovskite are 

comparable. Therefore, we assumed that a difference in ion migration energetics between Ace and 

MA, if any, should be due primarily to the size-mismatch-induced lattice distortions.   

 

5.2 Computational study of ion migration energetics 

 

We hypothesized that the localized lattice distortions caused by the size mismatch between 

Ace and MA might constitute a steric impediment effect to disrupt the pathways by which ions 

migrate. To study this effect theoretically, we performed further DFT simulations to model the ion 

migration pathway in the unit cell (Figure 5.2a-d) and to calculate the activation energy for the 

migration (Figure 5.2e). We chose to focus on the iodide ion transport since it was reported to have 

the lowest activation energy15,16 and is thus the most prone to migrate/diffuse. Figure 5.2a,c (side 

view) and Figure 5.2b,d (top view) are overlays of 18 different structures corresponding to the 18 

steps in Figure 5.2e used to define the initial and final positions of the iodide ion during the migration. 



     

55 

 

The calculated activation energy is 0.40 eV for MAPbI3, consistent with previously reported 

values.16,31,38 For the mixed Ace0.25MA0.75PbI3 system, the activation energy is increased to 0.63 eV. 

The increased barrier height is probably due to steric impediment caused by the size-mismatch-

induced lattice distortions, which can clearly be seen in the simulated migration pathway for the 

Ace0.25MA0.75PbI3 system in Figure 5.2d, where the iodide ion should first curves inwards, then 

outwards, from the unit cell, as compared to the simple linear path of MAPbI3 during the migration 

(Figure 5.2b). Importantly, we observe through the transition state structures in Figure 5.2e that the 

H-I bond length between the nearest neighboring hydrogen and the migrating iodide ion (highlighted 

in green) is significantly greater for Ace0.25MA0.75PbI3 (3.10 Å) compared to MAPbI3 (2.64 Å), 

indicating a much weaker H-I bond interaction between Ace and the mobile iodide. This, in addition 

to the overall weaker hydrogen bonding between Ace and the perovskite lattice discussed above, 

indicates that the steric impediment effect is mainly responsible for the increased activation energy 

barrier. 

Since Ace (277 pm) and GA (278 pm) have almost identical ionic radii, we expect the lattice 

volume expansion by replacing MA with either to be similar. We calculated the unit cell volume 

from our simulated models of Ace0.25MA0.75PbI3 and GA0.25MA0.75PbI3 and found that both are 

identical at 253 Å3 (for the Ace or GA containing unit cell), whereas pure MAPbI3 has a unit cell 

volume of 248 Å3. We then additionally simulated the energy barrier for GA0.25MA0.75PbI3 (Figure 

A5.3) and expectedly found that the ion migration activation energy is the highest at 0.73 eV since 

for GA0.25MA0.75PbI3, both steric impediment and hydrogen bonding contributes to impede ion 

migration. Therefore, comparing MAPbI3 and Ace0.25MA0.75PbI3 allows us to only study the effect 

of steric impediment (since Ace is larger than MA but has same number of effective hydrogen bonds). 

When comparing MAPbI3 and GA0.25MA0.75PbI3, both effects (since GA is larger and has higher 

number of effective hydrogen bonds than MA) influence the ion migration energetics, so it is not 

possible to distinguish one effect from the other. 

 

5.3 Size-mismatch-induced lattice expansion and optical properties of the films 

 

After justifying that the steric impediment effect can only be studied by comparing MAPbI3 

and AcexMA1-xPbI3, we subsequently fabricated AcexMA1-xPbI3 films to investigate the lattice 

distortions caused by the size mismatch between Ace and MA. XRD measurements were performed 
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on mixed composition AcexMA1-xPbI3 films, where x was varied from 0 (MAPbI3) to 1.00 (AcePbI3). 

As shown in Figure 5.3a, the tetragonal perovskite phase is retained without formation of any 

secondary phases up to x = 0.2. Figure A5.4 displays the individual diffractograms in logarithmic 

scale for additional clarity. The (110) perovskite diffraction peak intensity was generally maintained 

except for x = 0.10, although the apparent grain size observed from the top surface scanning electron 

microscopy (SEM) images (Figure A5.5 and Figure A5.6) of the films seemed to decrease, 

indicating that the bulk crystal quality might be improved with incorporation of Ace. We reasoned 

that the reduced apparent grain size is possibly due to the incorporated Ace acting as heterogenous 

nucleation sites to increase the nucleation rate, whereas the more ideal tolerance factor with 

incremental substitution of Ace is probably responsible for the improved bulk crystal quality as 

observed previously by the enhanced crystallinity of FA1-xCsxPbI3 and FA1-xMAxPbI3 films relative 

to the pure FAPbI3 film.39–42  At x = 0.2, additional diffraction peaks at ~11.3° and ~25.3° began to 

emerge, which indicates that Ace can no longer incorporate into the perovskite lattice and thus formed 

the secondary AcePbI3 phase. Additionally, X-ray photoelectron spectroscopy (XPS) measurements 

(Figure A5.7) on the AcexMA1-xPbI3 films further demonstrate the substitution of MA with Ace. The 

raw data was deconvoluted to reveal two constituent profiles attributed to the N 1s peaks originating 

from the NH3
+

 group in MA at ~402.3 eV and the NH2
+ group in Ace at ~400.6 eV. The fitted profiles 

were used to calculate the Ace percentage in the films (Figure A5.7b), which closely match those of 

the nominal compositions in the precursor solutions. 

High-resolution XRD measurements were carried out to investigate the lattice parameter 

changes, where the diffractograms were carefully calibrated with the constant PbI2 peak at ~12.6° 

(Figure 5.3b). The results show that the (110) perovskite peak incrementally shifted towards lower 

2θ angles with incorporation of Ace, indicating an expansion of the lattice due to the substitution of 

the smaller MA with the larger Ace. The a (or b) and c unit cell parameters for the films were 

extracted from the diffractograms as shown in Figure 5.3c, which shows that a (or b) increased with 

increasing incorporation of Ace from 8.867 Å for x = 0 to 8.913 Å for x = 0.2 (ca. 0.5% increment), 

whereas c increased marginally. We additionally measured the XRD diffractograms of GAxMA1-

xPbI3 (Figure A5.8) to compare the lattice volume expansions given by the ratio (unit cell volume of 

AcexMA1-xPbI3 or GAxMA1-xPbI3)/(unit cell volume of MAPbI3). The volume expansion is nearly 

identical (Figure A5.9) for AcexMA1-xPbI3 and GAxMA1-xPbI3 due to the similarity in size between 

Ace and GA. 
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The absorption and normalized steady-state photoluminescence (PL) spectra of the AcexMA1-

xPbI3 films are shown in Figure 5.3d. For x < 0.2, both the absorption profiles and the peak PL 

positions of the films were nearly identical with bare MAPbI3 (x = 0), indicating that the films 

retained the optical properties of MAPbI3 at relatively low levels of Ace incorporation. Further 

addition of Ace above x > 0.2 was seen to decrease the absorption of the films across all measured 

wavelengths, which can be attributed to the formation of the non-perovskite AcePbI3 phase. Despite 

the substitution of MA with Ace, the absorption onsets were nearly unchanged (Figure A5.10), 

indicating that the bandgap of the mixed composition films remained roughly identical. The PL 

spectra redshifted and broadened asymmetrically, likely due to formation of the secondary phase that 

possibly introduced shallow defects at the band edges. 

 

5.4 Device photovoltaic performance, charge carrier lifetimes and diode characteristics 

 

To investigate the photovoltaic performance of the AcexMA1-xPbI3 perovskites, we fabricated 

planar n-i-p solar cell devices of structure ITO/SnO2/perovskite/spiro-MeOTAD/Au. Based on 

tolerance factor considerations, pristine MAPbI3 has a tetragonal crystal structure due to the small 

size of MA,34 which implies that MAPbI3 is intrinsically strained compressively. As previously 

reported, substitution of MA with a larger cation like FA or GA can compensate this intrinsic 

compressive strain and increase the tolerance factor towards 1 to improve the device photovoltaic 

performance.28,39,43,44 Therefore, we speculated that the incorporation of Ace up to a certain limit 

should also improve the device performance. The photovoltaic parameters of the devices with 

different Ace substitution levels are summarized in Table 5.2 and Figure A5.11. The average 

photovoltaic parameters (sample size, n = 25) of the reference MAPbI3 devices (hereafter referred to 

as MA) are short-circuit current density (JSC): 22.59 ± 0.14 mA cm−2, open-circuit voltage (VOC): 

1.105 ± 0.007  V, fill factor (FF): 0.710 ± 0.012, and power conversion efficiency (PCE): 17.72 ± 

0.34 %. Systematic variation of the Ace substitution level determined that Ace0.03MA0.97PbI3 

(henceforth denoted as AceMA) exhibited the best device performance, with an average (n = 43) JSC 

of 22.67 ± 0.15 mA cm−2, VOC of 1.134 ± 0.009 V, FF of 0.750 ± 0.013, to yield a PCE of 19.28 ± 

0.44 % (8.8% improvement over the average PCE of 17.72 ± 0.34 % for the MA devices). The PCE 

enhancement was due to the increased VOC and FF, whereas the JSC remained nearly identical. The 

distribution of the photovoltaic parameters of the MA and AceMA devices are compared in box plots 
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as shown in Figure 5.4a and Figure A5.12. We note that the devices were fabricated across multiple 

batches to demonstrate the reproducibility of the results. 

The current density and voltage (J-V) curves of the champion devices are displayed in Figure 

5.4b. Ultimately, the champion AceMA device attained a PCE of 20.30 % with a JSC of 

22.88 mA cm−2, VOC of 1.143  V, and FF of 0.776, while the champion MA device had a PCE of 

18.49 % (JSC: 22.80 mA cm−2, VOC: 1.108  V, FF: 0.732). The external quantum efficiency (EQE) 

spectra of the AceMA and MA devices are shown in Figure A5.13. The integrated JSC calculated 

from the EQE spectra for the AceMA device was 22.02 mA cm−2, within reasonable discrepancy (< 

4%) from the measured JSC from the J-V scans. However, the integrated JSC for the MA device was 

21.62 mA cm−2, a comparatively large 5.5% discrepancy compared to the JSC obtained from the J-V 

scans, which suggests an increased capacitive current effect due to more pronounced ion migration.45 

The stabilized PCEs were measured to be 19.5 % and 17.1 % for the champion AceMA and MA 

devices, respectively, as shown in inset Figure 5.4b and Figure A5.14. The smaller discrepancy 

between the stabilized PCE and the J-V scan obtained PCE for the AceMA device also implies 

suppressed hysteresis and ion migration, which is further evident in the scan direction dependent J-

V curves of Figure A5.15. 

To elucidate the origin of the improved photovoltaic performance of the mixed composition 

AceMA devices, we first measured the steady-state and time-resolved photoluminescence (PL) of 

the perovskite films deposited on glass substrates to study the charge recombination dynamics of the 

films (inset Figure 5.4c). The steady-state PL peak intensity increased by 43.7% from ~1.53 ×106 

for MA to ~2.20 ×106 for AceMA, indicating an enhanced radiative recombination with substitution 

of 3 mol% MA for Ace. The time-resolved PL measurement showed that the improved radiative 

recombination is due to an enhanced PL lifetime, where the curves were fitted with a bi-exponential 

model (Figure 5.4c), with fitted parameters presented in Table 5.3. Two decay regimes are 

distinguishable from the fits, where the initial fast decay regime (A1 and τ1) is assigned to non-

radiative carrier recombination induced by deep trap states such as structural disorders, whereas the 

subsequent slow decay regime (A2 and τ2) is ascribed to radiative recombination in the bulk 

perovskite.46,47 For the AceMA film, we calculated that the fast decay carrier lifetime (τ1) increased 

from 10.4 ns to 20.4 ns, and the proportion of fast decay (A1) decreased from 83.6 % to 76 %, 

indicating reduced trap-mediated non-radiative recombination loss. τ2 also increased from 180.7 ns 

for MA to 205.9 for AceMA. Resultantly, the average carrier lifetime was elongated from 38.3 ns to 
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64.9 ns for the MA and Ace films, respectively. We speculate that the enhanced steady-state PL and 

charge carrier lifetime for AceMA is a result of an improved bulk crystal quality due to the more 

ideal tolerance factor by replacing the too small MA with Ace. 

The charge carrier lifetime within the complete device was also investigated with transient 

photovoltage (TPV) measurements at open-circuit condition, as shown in Figure 5.4d. Upon 

illumination with a pulsed light, electrons and holes are photogenerated to constitute the photovoltage, 

and subsequently recombine with elimination of the light source, which is observed as the decay in 

photovoltage. The rate with which the photovoltage decays is correlated with the charge carrier 

lifetime in the device. The decay time constants were extracted from the raw data using a mono-

exponential decay function, with the fitted functions shown in Figure 5.4d as solid lines. The decay 

time constant was increased from 1.70 μs for the MA device to 2.28 μs for the AceMA device, 

indicating that the latter has much longer charge carrier lifetime in the device, consistent with the 

steady-state and time-resolved PL results.  

Since the improved photovoltaic performance of the AceMA device is due to the increased 

VOC and FF, we additionally measured the dark J-V response of the complete devices to extract the 

shunt (Rsh) and series (Rs) resistances, ideality factor (n) and reverse saturation current density (J0), 

with results shown in Figure A5.16 and Table B5.1, respectively. Rsh and Rs were calculated from 

the reciprocal of the slopes around the open-circuit and short-circuit regions, respectively. n and J0 

were obtained by fitting the dark J-V curves with the equation given by:48 

ln(𝐽𝐷) = ln(𝐽0) +
1

𝑛

𝑞

𝑘𝐵𝑇
𝑉𝑏                                              (1) 

where 𝐽𝐷 is the dark current density, 𝑞 is the elementary charge, 𝑘𝐵 is Boltzmann’s constant, 𝑇 is 

temperature, and 𝑉𝑏 is the applied bias. For the AceMA device, the lower n and J0 indicates a reduced 

non-radiative trap-mediated recombination and explains the higher VOC, whereas the higher Rsh and 

lower Rs is correlated with the higher FF. We further confirmed the reduced trap density of the 

AceMA devices using Thermal Admittance Spectroscopy (TAS), where the trap density of states 

(tDOS) can be calculated from the capacitance-angular frequency relationship using the equation:49 

𝑁𝑇(𝐸𝜔) = −
𝑉𝑏𝑖
𝑞𝑊

𝑑𝐶

𝑑𝜔

𝜔

𝑘𝑇
                                              (2) 

where C is the capacitance, 𝜔 is the angular frequency, q is the elementary charge, k is the Boltzmann 

constant, Vbi is the built-in potential, W is the depletion width, and T is the temperature. As shown in 
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Figure A5.17, the tDOS for the AceMA device was generally lower than that of the reference MA 

device, especially in the relatively deeper trap region (0.3 – 0.4 eV), where the minimum tDOS for 

the AceMA and MA devices reached ~5x1016 m-3 eV-1 and ~2x1017 m-3 eV-1, respectively.  

 

5.5 Ion migration and operational stability 

 

 In addition to the above discussed observations of reduced ion migration, we set out to directly 

investigate the ion migration properties of the films through direct current (DC) temperature-

dependent conductivity measurements on lateral MA and AceMA devices with structure 

Au/perovskite (100 µm)/Au to experimentally determine the ion migration activation energies 

(Figure 5.5a,b). The activation energy (𝐸𝑎) can be extracted by fitting the raw data points with the 

Nernst-Einstein equation given by:17 

𝜎(𝑇) =
𝜎0
𝑇
exp (

−𝐸𝑎
𝑘𝑏𝑇

)                                              (2) 

where 𝜎(𝑇)  is the conductivity as a function of temperature 𝑇 , 𝜎0  is a constant, and 𝑘𝑏  is 

Boltzmann’s constant. Two linear regimes can be seen in the fitted plots of Figure 5.5a,b. In the low 

temperature regime, ion migration is essentially suppressed due to the insufficient thermal energy. 

Above a critical temperature, ion migration became activated and contributed to the exponential 

enhancement in conductivity. The extracted 𝐸𝑎 is 0.542 eV for the AceMA lateral device, a 25% 

increase over the MA device (0.433 eV). This result complements our DFT calculations discussed 

before to further support our hypothesis that the lattice distortion caused by substituting MA with 

Ace resulted in a size-induced steric impediment effect to effectively obstruct the migration of ions 

in the perovskite.   

  To assess the operational stability of the AceMA devices, encapsulated solar cell devices were 

subjected to continuous illumination under 1 sun intensity (no ultraviolet filter) at open-circuit 

condition in ambient air to test their stability under operational conditions. Ion migration is most 

severe under open-circuit condition due to the uncompensated built-in potential under 

illumination.50,51 In contrast, the applied bias during maximum power point (MPP) tracking is 

opposite in direction to the built-in voltage and reduces the effective potential gradient.52 Upon the 

exclusion of external environmental factors such as moisture and oxygen by proper encapsulation or 

an inert atmosphere, the instability of PSCs under illumination should be largely due to the migration 
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of mobile ions due to the light-induced potential gradient to degrade the perovskite and adjacent 

contact layers.17,19,52–54 For instance, migrating I- can undergo an irreversible redox reaction to reduce 

spiro-OMeTAD+ to its neutral state to degrade its p-doping character and thus degrade its hole 

conductivity and deteriorate the device performance.53 It was also shown that I- migrating out of the 

perovskite layer can deplete I- from the perovskite layer to rupture its stoichiometry and lattice 

structure, in addition to reacting with Ag to form AgI to corrode the metal electrode.54,55 

Figure 5.5c plots the evolution of the stabilized (steady-state) PCE of the MA and AceMA 

devices with time. The degradation profiles can be separated into two regimes, where an initial rapid 

decay is followed by a subsequent near linear decay, similar to what was obscaerved from previous 

reports.17,45 From this, the T80 (time taken for device steady-state PCE to degrade to 80 % of its initial 

value) of the devices are obtained by fitting the linear degradation.17,45 The T80 of the AceMA device 

was calculated to be 2,011 h, a considerable nine-fold improvement over the T80 of 222 h of the 

control MA device. After over 2,100 h of continuous illumination, the AceMA device retained over 

55 % of its initial steady-state PCE, compared to only 6.9 % of the MA device after 700 h. The 

corresponding degradation of the photovoltaic parameters of the devices are also included in Figure 

A5.18, which show that the decline in device performance is mainly due to the drop in FF and VOC, 

whereas the JSC remained relatively constant, consistent with previous reports for devices aged under 

open-circuit condition.50,52 Given that degradation of the encapsulated device under illumination at 

open-circuit condition is largely due to the migration of ionic defects and accumulated charge 

carriers,45,52,56 the much improved stability of the AceMA device is probably due to the retarded ion 

migration as a result of the size-mismatch-induced steric impediment by the large Ace cation.  

To assess the thermal stability of the devices, fabricated MA and AceMA devices were 

subjected to continuous heating at 85 °C in a nitrogen atmosphere and their reverse scan PCEs were 

measured periodically as shown in Figure 5.5d. Ag was used as the metal electrode, in which case 

the migration of I- towards the electrode to deplete the stoichiometry of the perovskite and the 

corrosion of the electrode by AgI formation is expected to be the major cause of device 

degradation,37,54,55 while the more thermally stable PTAA was used as the hole transporting layer 

(HTL) to replace spiro-MeOTAD.8,30,37,57,58 The AceMA device was seen to have significantly 

improved thermal stability, and retained almost 92 % of its initial PCE after over 450 h of continuous 

heating. In contrast, the reference MA device degraded to just 1.6 % of its initial PCE over the same 

time period. Figure A5.19 includes a breakdown of the evolution of the photovoltaic parameters of 
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the corresponding devices. For the AceMA device, the performance drop is due to the gradually 

decreasing FF, whereas the VOC and JSC changes negligibly with time. We speculate that the 

considerable thermal stability enhancement of the AceMA device is likely a result of the impeded 

migration of I- due to the size-mismatch-induced lattice distortions. Particularly, we can deduce from 

the Nernst-Einstein equation above that ion migration is expected to be more severe at higher 

temperatures due to the supply of thermal energy. 

We further exposed the MA and AceMA devices and bare films to controlled environments 

to investigate their moisture and ambient stabilities. However, we expected their environmental 

stabilities to be similar due to the comparable hydrogen bonding interaction between MA or Ace with 

the perovskite lattice. We monitored the X-ray diffractograms and normalized absorbance at 600 nm 

of the films (Figure A5.20 and Figure A5.21) with time exposed to humidity or ambient, which 

showed that the degradation of AceMA was comparable or slightly enhanced compared to MA. The 

[(100) perovskite peak]/[PbI2 peak] intensity ratio of the AceMA film degraded from 14.4 to 0.13 

after 59 h exposure to the humid environment, and similarly the MA film degraded from 14.3 to 0.09. 

For the ambient exposure, the ratio decreased from 14.3 to 4.4 for the MA film and 14.6 to 4.5 for 

the AceMA film after 136 h exposure. For the devices, the reverse scan PCEs of both the MA and 

AceMA devices showed no apparent degradation after exposure to humidity or ambient, but the 

degradation of the devices was obvious through the stabilized PCEs of the devices. Combining the 

film and device results, we reason that the moisture-induced degradation (defect density generated) 

was comparable for MA and AceMA, and during the relatively short timescales of the reverse scan, 

the increased capacitive effects and hysteric behavior of the devices induced by the generated defects 

were not evident such that the reverse scan PCEs showed no obvious degradation.17 However, during 

the longer timescales of the steady-state measurements, defects have sufficient time to migrate in 

response to the constant bias applied, but for the AceMA devices, due to the steric impediment effect 

which effectively obstructed defect migration, the capacitive effects was reduced and therefore the 

degradation of their stabilized PCEs was retarded.  

Lastly, the formation enthalpies of the perovskites (Figure A5.22) were calculated using ab 

initio simulations to assess their intrinsic stability. The more negative formation enthalpy of the 

Ace0.25MA0.75PbI3 composition demonstrates the improved thermodynamic stability due to the 

substitution of MA with Ace.    
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5.6 Generalizing the steric impediment of ion migration 

 

To demonstrate the versatility of our proposed steric impediment approach, we generalized 

the strategy on the commonly used FAPbI3 system. Unlike MAPbI3, the tolerance factor of FAPbI3 

is thought to be slightly above the theoretical range to form the cubic phase due to the larger (253 

pm) FA cation.21 Therefore, opposite to the case with MAPbI3, substitution of FA in FAPbI3 for a 

relatively smaller cation such as MA (217 pm) or Cs (167 pm) can result in improved device 

operational stability.22,29,43,59 Using the same procedure, we again measured the temperature-

dependent conductivity of fabricated FAPbI3, MA0.05FA0.95PbI3 and Cs0.05FA0.95PbI3 lateral devices 

to extract the ion migration activation energy. We observed that the activation energy increases in the 

order FAPbI3 (0.259 eV) < MA0.25FA0.75PbI3 (0.309 eV) < Cs0.25FA0.75PbI3 (0.467 eV) (Figure 

A5.23), correlating with the increasing ‘A’ cation size mismatch. We additionally modelled the 

FAPbI3, MA0.25FA0.75PbI3 and Cs0.25FA0.75PbI3 systems using DFT (Figure A5.24) as before and 

found that the simulated activation energy followed the trend of FAPbI3 (0.37 eV) < Cs0.25FA0.75PbI3 

(0.72 eV) < MA0.25FA0.75PbI3 (0.84 eV). Although both Cs and MA substitution into FAPbI3 

increases the energy barrier for iodide migration, the trend does not follow the experimental result. 

We note that the simulations consider only the iodide migration and do not account for other factors 

such as perovskite crystallinity, phase purity etc, which is probably the origin of the discrepancy with 

experimental data. We plan to further investigate this system for a future work.   

 

5.7 Conclusions  

 

In this work, we studied the effect of ‘A’ cation size mismatch induced lattice distortions on the ion 

migration energetics and operational stability of PSCs by partial substitution of small MA with the 

larger Ace cation. From our observations, we propose that the size mismatch between Ace and MA 

introduces localized lattice distortion in the perovskite lattice, which creates a steric effect to 

effectively impede the migration pathways of ions to increase the migration activation energy 

barrier. As a result, we observed that the optimized mixed composition Ace0.03MA0.97PbI3 device 

had much improved thermal stability, retaining 92% of its initial PCE after 450 h under continuous 

heating at 85 °C, and also significantly elongated operational stability under continuous 1 sun 

illumination at open-circuit condition in ambient with an extrapolated T80 of 2,011 h, relative to the 

reference pure MA device with a T80 of 222 h. We believe our study on this steric engineering 
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strategy would provide essential knowledge to design more operationally stable perovskite 

compositions. 

 

Figure 5.1. Decoupling size versus hydrogen bonding effect. Chemical structures of a) 

acetamidinium, b) methylammonium, and c) guanidinium. Density functional theory (DFT) 

modelled effective hydrogen bonds between the ‘A’ cations and perovskite lattice for d) 

acetamidinium, e) methylammonium, and f) guanidinium. Black numbers are the bond lengths (in 

angstroms) and blue numbers are the bond angles (in degrees). 
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Figure 5.2. Computational study of ion migration energetics. Density functional theory (DFT) 

modelled a) side view and b) top view iodide ion migration pathway for MAPbI3 perovskite and c) 

side view and d) top view iodide ion migration pathway for Ace0.25MA0.75PbI3 perovskite, showing 

only the unit cell containing the Ace cation. e) Iodide ion migration activation energy for MAPbI3 

and Ace0.25MA0.75PbI3 calculated using DFT. Included are the transition states corresponding to the 

maximum energy states, showing the hydrogen bond length between the migrating iodide ion 

(highlighted in green) and the nearest neighbouring hydrogen atom. 
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Figure 5.3. Size-mismatch-induced lattice expansion and optical properties of the films. a) X-

ray diffraction (XRD) spectra of the AcexMA1-xPbI3 films with different values of x. b) High-

resolution XRD spectra of the perovskite films showing the (100) perovskite diffraction peak. The 

PbI2 and secondary phase (*) diffraction peaks are labelled. Inset shows the magnified normalized 

(100) perovskite peak. c) Variation of the a (or b) and c unit cell lattice parameters of the AcexMA1-

xPbI3 films with different values of x. d) Absorption and normalized photoluminescence spectra of 

the AcexMA1-xPbI3 films with different values of x. 
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Figure 5.4. Device photovoltaic performance, charge carrier lifetimes and diode 

characteristics. a) Box plot showing the power conversion efficiency (PCE) distribution of the 

MAPbI3 and Ace0.03MA0.97PbI3 devices. b) Current density and voltage (J-V) curves of the 

champion devices. Inset includes the stabilized PCEs. c) Time-resolved photoluminescence spectra 

of the MA and AceMA films. Solid lines are the fitted profiles using a bi-exponential decay 

function. Inset includes the steady-state PL spectra. d) Transient photovoltage decay of the MA and 

AceMA devices. Solid lines are the fitted profiles using a mono-exponential decay function.  
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Figure 5.5. Ion migration and operational stability. Temperature-dependant conductivity of the a) 

MAPbI3 and b) Ace0.03MA0.97PbI3 lateral devices. c) Operational stability testing of encapsulated 

MAPbI3 and Ace0.03MA0.97PbI3 devices under continuous 1 sun illumination under open-circuit 

condition in ambient air. d) Thermal stability testing of the MAPbI3 and Ace0.03MA0.97PbI3 devices 

heated continuously at 85 °C in a nitrogen atmosphere.  

 

Table 5.1. Density functional theory simulated effective bond lengths and bond angles of the 

‘A’ cations with the perovskite lattice. Included are the average bond lengths and bond angles. 
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Table 5.2. Average photovoltaic parameters of the AcexMA1-xPbI3 devices, summarizing the 

short-circuit current density (JSC), open-circuit voltage (VOC), fill factor (FF), power 

conversion efficiency (PCE), and best PCE. 

 

 

JSC 

(mA cm−2) 

VOC  

(V) 

FF PCE 

(%) 

Best PCE 

(%) 

0 22.59 ± 0.14 1.105 ± 

0.007 

0.710 ± 

0.012 

17.72 ± 0.34 18.49 

2 22.58 ± 0.13 1.134 ± 

0.007 

0.743 ± 

0.006 

19.03 ± 0.27 19.65 

3 22.67 ± 0.15 1.134 ± 

0.009 

0.750 ± 

0.013 

19.28 ± 0.44 20.30 

5 22.49 ± 0.15 1.143 ± 

0.015 

0.728 ± 

0.015 

18.60 ± 0.62 19.36 

8 22.68 ± 0.25 1.136 ± 

0.008 

0.732 ± 

0.008 

18.86 ± 0.26 19.23 

10 22.22 ± 0.46 1.132 ± 

0.015 

0.721 ± 

0.004 

18.16 ± 0.58 18.83 
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Table 5.3. Time-resolved photoluminescence decay parameters for the MAPbI3 and 

Ace0.03MA0.97PbI3 films on glass fitted using a bi-exponential decay model. 
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Chapter 6 Solid-phase hetero epitaxial growth of α-phase formamidinium 

perovskite 

 
Epitaxial growth is one of the most powerful ways to fabricate semiconducting thin films with 

low defect density and a desired orientation1. The technique has been widely adopted to form 

semiconducting thin films for optoelectronic applications for which the defect density should be 

minimized to promote carrier transport and thus device performance. Highly crystalline 

semiconducting films including silicon, gallium nitride, gallium arsenide, and two-dimensional 

materials have been successfully grown via epitaxial growth to be used in solar cells, light-emitting 

diodes (LEDs) and memory devices2-6. However, conventional epitaxy requires a compatible single 

crystalline substrate, and the growth process is performed in extremely controlled environments such 

as ultra-high vacuum and temperature. Often, the grown materials should be transferred from the 

templating substrate onto a desired substrate for device fabrication by delicate lift-off processes. 

These limit not only the price competitiveness and scalability, but also versatility of the process for 

various materials and devices. 

For instance, the epitaxial growth of metal halide perovskite thin films for used in devices 

has not yet been achievable because of i) the absence of compatible substrates to template the growth 

of the perovskite film, and ii) the difficulty of inducing controlled nucleation and growth at the 

surface of a templating substrate. For the former, typical transparent oxide substrates and other charge 

transporting bottom contact layers used for devices cannot direct the growth of the perovskite film. 

Single crystalline chunks of halide perovskites and epitaxially grown thin films on single crystal 

substrate have been demonstrated7-11, but thickness-controlled layer transfer of the grown materials 

onto a desired substrate has not been successful. For the latter, inherently fast reaction kinetics during 

the typical solution process causes numerous nuclei to form in the bulk solution, resulting in the 

growth of randomly oriented fine grains with a high density of defects. In light of these limitations, 

huge research efforts have been devoted to control the nucleation and growth kinetics12,13, but 

accurate control over the kinetics in solution medium is still challenging.  

 Recently, strategies to incorporate layered perovskites into 3D perovskites have been 

extensively studied. Owing to their enhanced stability relative to 3D perovskites and favorable band 

alignment, layered perovskites effectively passivate the grain boundaries and surface of 3D 

perovskites, resulting in enhanced performance and stability of the perovskite solar cells and 
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LEDs.14-17 We present here a route to induce kinetic-controlled epitaxial crystal growth of 

formamidinium lead tri-iodide (FAPbI3) perovskite thin films by using layered perovskite 

templates. The local epitaxial growth of the FAPbI3 perovskite crystal was observed during its 

solid-state phase transformation from the hexagonal non-perovskite FAPbI3 when it is 

heterostructured with layered perovskite, whereby the growth kinetics was dependent on strain 

energy originating from the hetero-interface. Our first-principles calculations revealed a new 

mechanism to engineer the conversion energy barrier between the cubic and hexagonal phases by a 

synergistic effect between strain and entropy. The slow heteroepitaxy enabled the growth of 10-fold 

enlarged FAPbI3 perovskite crystals with a reduced defect density and strong preferred orientation. 

This nano-heteroepitaxy (NHE) is applicable to various substrates used for devices. The proof-of-

concept solar cell and light-emitting diode devices based on NHE-FAPbI3 showed efficiencies and 

stabilities superior to those of devices fabricated without NHE. 

6.1 Phase conversion kinetics 

 

 FAPbI3 crystallizes as its equilibrium hexagonal non-perovskite phase (yellow color, δ-phase) 

at room temperature, and is transformed into its cubic perovskite polymorph (black color, α-phase) 

upon annealing at 150 oC through a soild-state phase conversion process 18,19. In polycrystalline films, 

grain boundaries are at a higher energy state due to the additional contribution of surface (or 

interfacial) energy. Consequently, the grain boundaries act as heterogeneous nucleation sites where 

phase transition is first triggered. We introduced a hetero-interface at the grain boundaries by 

incorporating small amounts of layered perovskites into the precursor solution 15,20. We varied both 

the amount and type of the layered perovskite to observe the effects of the hetero-interface (hereafter 

we define, control: bare FAPbI3, 1P: FAPbI3 with 1.67 mol% of PEA2PbI4, 3P: FAPbI3 with 3.33 

mol% of PEA2PbI4, and 3F: FAPbI3 with 3.33 mol% of FPEA2PbI4). We expected the hetero-

interface area to increase in the order control<1P<3P< 3F (please refer to Figure A6.1 and Figure 

A6.2 for discussion on the differences between PEA2PbI4 and FPEA4PbI4). 

 The layered perovskite/FAPbI3 hetero-structured films were formed by spin-coating the 

precursor solutions, and the photographs of the films as a function of annealing time are presented in 

Figure 6.1a. As-spun films were semi-transparent yellowish irrespective of the added layered 

perovskite, indicating the formation of the hexagonal δ-phase. Upon annealing at 150 oC, the color 

of the control film rapidly converted to black within a minute, whereas the color change was retarded 
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with incorporation of the layered perovskites; 1P, 3P and 3F took approximately 2, 6, and 8 min, 

respectively. The slower color change is indicative of a slower phase conversion process. In Figure 

6.1b, the phase conversion process was monitored by in-situ grazing incident wide angle X-ray 

scattering (GIWAXS) measurement of the corresponding films at 150 oC (under helium atmosphere 

on silicon substrate). Before heating at 150 oC, all the films showed a characteristic scattering peak 

around q=0.842 Å-1, corresponding to the (010) orientation peak of the δ-FAPbI3 phase. As the films 

were annealed at 150 oC, the peak disappeared with simultaneous occurrence of a new peak around 

q=0.996 Å-1, attributed to the (001) orientation peak of the α-FAPbI3 phase. The δ(010) peak of the 

control film almost abruptly disappeared after heating for 1 min with simultaneous appearance of the 

α(001) peak, and afterwards the α(001) peak maintained its initial shape and intensity. On the 

contrary, the δ(010) peak of the films with layered perovskite was retained for longer during the heat-

treatment and gradually converted to the α(001) peak, indicating slower phase conversion with the 

layered perovskite. To analyze the phase conversion kinetics, we plotted isothermal transformation 

diagrams as in Figure 6.1c. The relative peak intensity (integrated area under the peaks) of α(001) to 

δ(010) was calculated from the in-situ GIWAXS patterns as a function of annealing time (upper panel 

in Figure 6.1c). A delayed phase transformation with incorporation of layered perovskite from 

control, to 1P, to 3P, and to 3F can be clearly seen. To quantitatively estimate the transformation 

kinetics, we fitted the phase conversion profiles using the simplified Johnson-Mehl-Avrami equation 

which describes the relationship between the fraction of transformed phase and the elapsed time. The 

extracted k values (Table B6.1) are seen to decrease from the control, 1P, 3P, to 3F films, suggesting 

that the nucleation and/or growth rates of the cubic phase were significantly retarded by the 

incorporation of the layered perovskite. We also confirmed that the phase transformation kinetics 

followed the same tendency for films on SnO2-coated ITO substrates depending on the film 

composition by measuring the X-ray diffraction (XRD) patterns of the films with different heating 

times (Figure A6.3 and the lower panel in Figure 6.1c). In addition to the different kinetics, the 

GIWAXS peak shapes also evolved differently for the films with layered perovskite as compared to 

the control film. The portion of the δ(010) peak with relatively lower q (higher d spacing, yellow 

arrows in Figure 6.1b) disappeared faster, whereas the portion of the α(001) peak with relatively 

higher q (lower d spacing, black arrows in Figure 6.1b) emerged faster. This feature became more 

pronounced as the phase conversion process retarded further, which implies the presence of strained 

phases and a consequent change in energetics and kinetics of the phase conversion process. We 
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speculated that the introduction of the hetero-interface between the FAPbI3 and layered perovskite 

was probably associated with the observed strain and was responsible for retarding the phase 

conversion process. 

6.2 Microstructure analysis and first-principles modeling 

 

 To observe the microstructure evolution during the phase conversion, in-situ transmission 

electron microscopy (TEM) measurement was conducted on the 3F film at an elevated temperature 

(Figure 6.2a-d). Upon heating the sample, nuclei of the cubic phase (bright spots indicated by 

arrows) formed simultaneously at both the bulk and boundaries of the grain (Figure 6.2a). 

However, the bulk nuclei were re-dissolved within a few minutes (Figure 6.2b), which is probably 

due to the relatively higher free energy barrier for stable nucleation. On the contrary, the grain 

boundary nucleus was stable and slowly grew towards the grain interior (Figure 6.2c). As the 

growth proceeded, we observed that the distinct grain boundary present before the phase 

conversion gradually became less distinguishable, and thus we speculated that the adjacent grains 

possibly merged during the phase transition (Figure 6.2d). In addition, the layered perovskites at 

the grain boundary region grew and reorientate/diffuse during the phase conversion process 

(Figure A6.4a-d). As a result, we observed aggregated layered perovskites along with blurred grain 

boundaries of the FAPbI3 film from the cross-sectional TEM images of the sample after the phase 

conversion process (Figure A6.4e, f). We further noticed that the lattice of the as-formed α-FAPbI3 

seems to have aligned with the aggregated layered perovskites (Figure A6.4g, h). Note: Since the 

in-situ measurement was carried out under vacuum on a sample with thickness <50 nm, the 

resulting microscopic morphology (grain size, layered perovskite distribution) may be different 

from that processed under ambient conditions. High-resolution TEM images of the 3F film were 

further analyzed to investigate the microstructure of the hetero-interface between FAPbI3 and the 

layered perovskite (Figure 6.2e-j and Figure A6.5). From the scanning transmission electron 

microscopy (STEM) images in Figure A6.5a and b, we identified the layered perovskite at the 

grain boundaries and surface of the FAPbI3 grains before and after the heat-treatment with its 

characteristic interplanar spacing of around 7.25 Å corresponding to the (002) plane21,22. Figure 

6.2f shows the magnified interface region between the layered perovskite and the δ-FAPbI3 phase 

before the phase conversion process. From fast Fourier transform (FFT) analysis of the image in 

Figure 6.2g, we found that the (002) plane of the layered perovskite is aligned with the (010) plane 
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of the δ-FAPbI3 phase. The measured interplanar distance of the δ-FAPbI3 (7.25 Å) at the interface 

deviated from those measured from their bulk counterparts; 7.11 Å for (010) of δ-FAPbI3, Figure 

6.2g and Figure A6.6a-c. The larger interplanar spacing of the δ-FAPbI3 indicates the presence of 

tensile strain at the interface with the layered perovskite. From the TEM images and corresponding 

FFT analysis after the phase conversion process (Figure 6.2i, j), a semi-coherent interface between 

the layered perovskite and the α-FAPbI3 was observed. Despite of the semi-coherent interface, the 

(111) plane of the grown α-FAPbI3 orientationally aligned with the (002) plane of the layered 

perovskite, which implies that heteroepitaxial growth of the α-FAPbI3 crystals occurred during the 

phase conversion process. The measured interplanar spacing of 3.61 Å for the (111) plane of the α-

FAPbI3 at the interface region was slightly smaller than that measured from its bulk counterpart 

(3.65-3.71 Å, Figure 6.2j and Figure A6.6a-f), which implies the existence of compressive strain 

applied to the interfacial α-FAPbI3 phase. From this observation, we assumed that the δ-FAPbI3 

phase (with its larger interplanar spacing) being converted to α-FAPbI3 (with its smaller interplanar 

spacing) at the initial stage of the phase conversion (as shown in the in-situ GIWAXS 

measurements in Figure 6.1b with layered perovskite) was probably the FAPbI3 at the interface 

with the layered perovskite. This indicates that the phase transition initiates at the hetero-interface, 

and the formed nuclei might grow towards the bulk of the grain. 

To elucidate the origin of the different phase conversion kinetics, we performed first-

principles density functional theory (DFT) calculations based on the observed strain and interfacial 

alignments as determined by the TEM studies (Figure A6.7). We initially postulated that two factors 

may have contributed to the change in phase conversion energetics: i) strain itself which can be 

directly responsible for increasing the phase conversion nucleation barrier as is well-known from 

conventional nucleation theory 23, and ii) change in entropy induced by the presence of strain, which 

was previously reported to be a crucial factor affecting the energetics of FAPbI3 
19. The phase 

conversion energetics without strain is presented in Figure A6.8. Firstly, to investigate the effect of 

strain, the energy barriers (∆𝐺𝑐) between the cubic and hexagonal phases with the lattice constants 

fixed to the given interlayer spacings are calculated as in Figure 6.2k. Solid lines indicate the energy 

barriers with strain applied to the transition states, whereas the dotted lines are the barriers with 

relaxed (unstrained) transition states (interlayer spacings of only the hexagonal and cubic phases are 

constrained to the given interlayer spacings). Overall, the energy barrier increases when strain is 
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applied to the transition state as expected from classical nucleation theory23. As the interlayer spacing 

decreases towards the 2D spacing, the compressive strain increases the cubic to hexagonal 

transformation barrier height by ~0.15eV in comparison to the value for the fully relaxed lattice (blue 

arrows in Figure 6.2k and second panel in Figure 6.2l), which will be beneficial for the 

thermodynamic stability of the cubic phase at T<Tc (Tc is the critical temperature for phase 

conversion), correlating with previous experimental observations 9. In the case of the phase transition 

from the hexagonal to cubic phase (δ→α), strain seems to less affect the ∆𝐺𝑐 value. However, we 

found that the contribution of entropy becomes more dominant. The activated rotation of the FA 

molecule at elevated temperatures contributes to the entropy of the system, which is known to be 

more significant in isotropic cubic structures and thus stabilizes the cubic phase over the hexagonal 

phase at a finite temperature 19. The entropy contribution (𝑆𝑟𝑜𝑡) of a freely rotating FA+ cation 

becomes more significant with an increasing temperature (T) as given by 

𝑆𝑟𝑜𝑡 =
3

2
𝑘𝐵[1 + ln(0.4786𝑘𝐵𝑇√𝐼1𝐼2𝐼3

3 )] 

 

where 𝑘𝐵  and 𝐼𝑖  are the Boltzmann constant and principal moments of inertia, respectively. The 

principal moments of inertia (𝐼𝑖) of the FA+ cation are 8.586, 48.851 and 57.436 uÅ2, where the 

unified atomic mass unit, u, is 1.6605×10-27 kg 19. The differences in the Gibbs free energy between 

the two phases are about -0.27eV at T=300 K and -0.47eV at T=500 K. As the free energy linearly 

decreases with T for the cubic phase, the relative stability between the two phases inverted above Tc 

while its contribution is negligible for the hexagonal phase (third panel in Figure 6.2l)19. On the other 

hand, the rotational entropy becomes a key contributor in stabilizing the strained hexagonal phase. 

Under the tensile strain, the interlayer spacing of the hexagonal phase increases significantly, and the 

activated isotropic rotation of the FA+ cation also becomes accessible for the hexagonal phase. We 

confirmed a more than 50% decrease in the rotational barrier induced by the tensile strain, while the 

rotational barrier for the compressed cubic phase is not much affected (Figure A6.9). Consequently, 

the tensile strain applied to the hexagonal phase effectively increases the stability of the hexagonal 

phase at a finite temperature and contributes to slowing down the phase transformation process to the 

cubic phase (red arrow in the last panel in Figure 6.2l). 

6.3 Effect of the bulk heteroepitaxy on film quality 
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 The effect of the NHE on film quality was investigated by comparing the X-ray diffraction 

(XRD) patterns of the films before and after the phase conversion process. In Figure 6.3a, all the as-

fabricated films showed characteristic peaks originating from the δ-FAPbI3 phase with no significant 

difference in peak intensity, indicating that the added layered perovskites do not significantly alter 

the crystallization process of the hexagonal phase from the precursor solutions. On the contrary, the 

XRD patterns of the films after the phase conversion process were considerably different depending 

on the composition (Figure 6.3b). The intensity of the (001) and (002) peaks originating from the α-

FAPbI3 were systematically enhanced (control<1P<3P<3F) as the phase conversion became slower, 

which is also obvious in the high-resolution XRD patterns in Figure 6.3c. The enhancement of 

selective peaks of a specific orientation is indicative of an enhanced preferred orientation of the films. 

We confirmed the systematic enhancement of the preferred orientation of the films from pole figure 

measurements along the (001) orientation (Figure 6.3d-g). The more localized signal intensity at the 

center of the circle can be interpreted as a higher degree of preferred orientation of the films normal 

to the substrate. The degree of the (001) preferred orientation measured from the pole figures was 

well-correlated with the XRD patterns in Figure 6.3b, c (control<1P<3P<3F). The stronger preferred 

orientation indicates that heteroepitaxial growth of the α-FAPbI3 became increasingly dominant with 

a larger hetero-interface area. 

 Closer inspection of the high resolution XRD patterns revealed that the full-width-half-

maximums (FWHMs) of the normalized (002) peaks decreased as the peaks were gradually shifted 

toward higher angles in the same order, which indicates an incrementally increasing crystallite size 

and compressive strain (inset of Figure 6.3c). The crystallite size and lattice strain of the δ-FAPbI3 

films were further extracted from the full XRD patterns by using the Williamson-Hall method 

(Figure A6.10, Table B6.2 and Table B6.3) 24,25. Since the Williamson-Hall method is limited to 

crystallite sizes below 100 nm, for the α-FAPbI3 crystallite sizes, we extracted the grain sizes of the 

films from the atomic force microscopy images in Figure A6.11a-d whose distribution is shown in 

Figure A6.12. The results are summarized in Figure 6.3h. The calculated strain of the films before 

phase conversion was closely correlated with the phase conversion kinetics, which confirms that 

the strain energy and resulting entropy change associated with the hetero-interface were likely 

responsible for the retarded phase conversion kinetics. The crystallite sizes before phase conversion 

were comparable irrespective of composition. Notably, the crystallite sizes were significantly 
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enlarged as the phase conversion became slower (from 43.5 nm to 160.4 nm for control, from 43.7 

nm to 417.9 nm for 1P, from 40.6 nm to 520.8 nm for 3P, and from 65.4 nm to 675.0 nm for 3F). 

Based on the observations, we propose the following mechanism for the NHE (Figure A6.13). i) 

The added layered perovskite crystallizes at the grain boundaries with high surface energy, which 

would have otherwise triggered the initial nuclei formation. ii) The strain and resulting entropy 

change induced by the hetero-interface retards the phase transition and local epitaxial growth 

proceeds from the interface. iii) Owing to active reconstruction processes involving breakage and 

reformation of bonds during the phase transition 19,26, merger of the FAPbI3 grains and layered 

perovskite sheets can be thermally activated. iv) Due to preferential orientation of the aggregated 

layered perovskite 27, the FAPbI3 grains also orient with respect to the substrate. Our first-principles 

surface energy calculations support the suggested mechanism, where the surface energies of the 

δ(010) and α(111) facets are relatively higher than those of other facets (Figure A6.14), which 

might be the origin of the preferential alignment of the layered perovskite at the crystal facets. 

 Steady-state photoluminescence (PL) spectra of the films are presented in Figure 6.3i. The 

near-identical peak positions irrespective of film composition was correlated with the identical 

absorption onsets (inset of Figure 6.3i and Figure A6.15), which demonstrates that the bandgap of 

the films is unchanged from that of bulk FAPbI3. The films with layered perovskite showed enhanced 

absorptions over the whole wavelength region as compared to the control film, which is probably due 

to the higher phase purity as observed in our previous study 20. The peak PL intensity of 0.16×106 

for the control film was significantly enhanced with NHE to 3.46×106, 4.49×106, and 5.34×106 for 

the 1P, 3P, and 3F films, respectively. Time-resolved PL decay profiles of the films are included in 

Figure 6.3j to elucidate the enhanced PL intensities. The measured data were fitted to a bi-

exponential decay model, and the fitted parameters are summarized in Table B6.4. All films showed 

two decay regimes: a relatively faster initial decay (τ1~ 3 ns), followed by a much slower decay (τ2 

>>10 ns). The faster decay component is generally assigned to charge carrier trapping caused by deep 

trap states originating from structural defects, whereas the slower decay is attributed to bimolecular 

radiative recombination of the free carriers 28,29. It should be noted that the fast decay proportion (A1) 

decreased from 39.1% for the control film to 38.2, 27.8, and 13.4% for the 1P, 3P, and 3F films, 

respectively. The decreased proportion of the faster decay implies reduced structural defects that 

constitute trap states, which is in line with the enlarged crystallite sizes. The reduced defect density 
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with NHE was also confirmed from space charge limited current (SCLC) measurements of the films 

(Figure A6.16), where the trap filling voltage (VTFL) was gradually decreased from 0.618 to 0.445 

to 0.415 to 0.332 V for the control, 1P, 3P, and 3F, respectively. Correspondingly, the estimated 

defect density of the films was significantly decreased from 1.08×1016 cm-3 for the control film to 

5.80 ×1015 cm-3 for the 3F film. Moreover, the significantly elongated τ2s from 32.0 ns of the control 

film to 1212.6 ns for 1P, 1509.1 ns for 3P, and 1862.1 ns for 3F is indicative of much longer charge 

carrier lifetimes in the bulk perovskite30. From the absorption and ultraviolet photoelectron 

spectroscopy (UPS) measurements, we found that FPEA2PbI4 forms a more ideal type I band 

alignment with larger energy offsets of the conduction band minimum (CBM) and valence band 

maximum (VBM) with respect to that of α-FAPbI3, in comparison to the case with PEA2PbI4 (Figure 

A6.17, 18). This will more effectively repulse the carriers from the defective grain boundaries to 

elongate the carrier lifetime 15. Consequently, the average PL lifetime (τavg) of the control film was 

significantly elongated from 20.6 ns to 750.8 ns for 1P, 1090.7 ns for 3P, and 1613.6 ns for 3F. 

6.4 Proof-of-concept devices 

 

 This NHE approach to grow a high-quality α-FAPbI3 film was not limited by substrate 

choice. Indeed, it can be replicated on different substrates such as glass, ITO, polyethylene 

naphthalate (PEN), SnO2, fluorine-doped tin oxide (FTO), and silicon (Figure A6.19), which 

demonstrates its universality and applicability to be used for different device applications. We 

fabricated proof-of-concept solar cell and LED devices to show the versatility of the high-quality 

NHE-FAPbI3 films. The thickness of the NHE-FAPbI3 film is readily controlled in the range of few 

tenths of nanometers as demonstrated in Figure A6.20, facilitating optimization of device 

performance. It should be noted that our devices are altogether MA-free (including no MACl for 

crystallization control), Cs-free, Rb-free, and Br-free in the perovskite composition, which is 

beneficial to retain the inherently low bandgap of FAPbI3 and operational stability of the devices.31-

33 Figure 6.4a shows schematics of the device structure and cross-sectional scanning electron 

microscopy (SEM) images of the solar cell device based on the NHE film (3F film). The large, 

single-crystalline grain size of the perovskite film perpendicular to the device direction is visible 

from the cross-sectional image. Current density-voltage (J-V) curves of the solar cell devices are 

shown in Figure 6.4b, and the photovoltaic parameters are summarized in Table 1. The device 

based on the control film showed a short-circuit current density (JSC) of 23.69 mA/cm2, open-
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circuit voltage (VOC) of 1.040 V, and fill factor (FF) of 0.649, corresponding to a power conversion 

efficiency (PCE) of 15.99%. Based on the NHE film, the PCE was significantly improved to 

21.64% (35.3% improvement) with a JSC of 24.93 mA/cm2, VOC of 1.101 V, and FF of 0.788. The 

measured PCE is competitive relative to previously reported devices based on MA-free, or MA- 

and Br-free perovskite compositions (Table B6.5). The improved JSC was correlated with the 

improved external quantum efficiency (EQE) of the device, where the integrated JSCs were 

calculated to be 21.55 and 24.07 mA/cm2 for the control and NHE devices, respectively. The 

steady-state PCEs (SSPCEs) of the control and NHE devices were measured to be 15.12% and 

20.87%, respectively (Inset of Figure 6.4b). The higher shunt resistance and lower series resistance 

of the device with 3F film calculated from the dark current measurement were correlated with the 

improvement in FF, whereas the lower ideality factor and saturation current were indicative of 

reduced non-radiative charge carrier recombination (Figure A6.21) 34, which contributed to the 

improved VOC 35. The LED with the NHE film as the emitting layer (EML) also demonstrated 

largely improved electroluminescent characteristics compared to the control device (Figure 6.5d, 

e). The normalized electroluminescence spectra of the devices based on the control and NHE films 

were almost identical (inset of Figure 6.5d), whereas the NHE device showed much greater 

radiance over the whole operating voltage range. The maximum radiance of the device substantially 

increased from ~70.78 W sr-1 m-2 for the control device to ~187.7 W sr-1 m-2 by using the NHE 

EML (165.2% improvement). The lower current density of the 3F device than that of the control is 

due to more effective charge blocking within the NHE EML, enabled by the grain boundary layered 

perovskite formation. (Figure A6.22). Consequently, the NHE LED device had a largely improved 

EQE, reaching ~8.28% at a low operating voltage (2.2 V), which is more than seven-fold enhanced 

compared to that of the control device (~1.11% at 2.4 V). The considerable performance 

enhancements for both the solar cell and LED devices can be mainly attributed to enhanced 

crystallinity and thus lower defect density of the perovskite films, which resulted in the suppressed 

non-radiative recombination of the charge carriers, which promoted effective charge carrier 

collection and enhanced radiative recombination in the solar cells and LEDs, respectively. Also, the 

grain boundary layered perovskite forming a type-I band alignment would additionally help to 

repulse the photo-generated or injected charge carriers from the defective grain boundaries, which 

will be helpful for the performance of both solar cells and LEDs. 
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 The operational stabilities of the solar cells and LED devices were evaluated in Figure 6.4f 

and G, respectively. The stability of the solar cells was tested under 1 sun illumination (no UV filter) 

at open-circuit condition, where a more accelerated degradation is expected compared to the case of 

biasing the device at its actual maximum power point due to the stronger built-in potential and 

increased charge carrier recombination in the device 36. Rapid initial decays in the SSPCEs of 20.3% 

and 8.6% were observed for the control and NHE devices, respectively. After the initial decay, a 

slower decay with an almost linear profile followed. After 650 h of continuous illumination, the 

SSPCE of the control device degraded to 63.4% of its initial value, while the NHE device retained 

84.2% of its initial SSPCE. The T80 lifetimes (time at which the SSPCE degrades to 80% of its initial 

value) of the devices were then estimated with the assumption that the linear degradation profile is 

maintained. The T80 lifetime for the control device was estimated to be 733.4 h, and was significantly 

enhanced by 178% to 2040.4 h for the device based on the NHE film. To evaluate the operational 

stability of the LEDs, the radiance evolutions of the devices were recorded under a constant-voltage 

operation (constant voltage that initially emits radiance ~10 W sr-1 m-2). The LED device based on 

the NHE film also showed a highly elongated lifetime as shown in Figure 6.5g. The T50 lifetime 

(time at which the radiance degrades to 50% of its initial value) of the devices was significantly 

enhanced from 5.7 min for the control device to 1042.4 min for the NHE device, respectively. Noting 

that the active migration of ionic defects in the perovskite is mainly responsible for degradation of 

the devices under operational conditions 37-40, we speculate that the higher crystallinity with lower 

defect density of the NHE films is the origin of the improved operational stabilities of the solar cells 

and LED devices. From temperature-dependent conductivity measurements in Figure A6.23, the 

activation energy for ion migration in the NHE films was determined to be 1.435 eV, which is much 

higher than that measured for the control films (0.516 eV), correlating with the retarded degradation 

dynamics. The much higher activation energy for ion migration in the NHE film can be attributed to 

significantly enhanced crystallinity and reduced defect density. We believe our approach will provide 

new insights to innovatively reduce the defect density in thin films of perovskite and other 

semiconducting materials using a simple, cheap and versatile method to further improve the stability 

and performance of the devices. 
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Figure 6.1. Phase conversion kinetics of formamidinium lead tri-iodide (FAPbI3) perovskite 

with a hetero-interface at the grain boundaries. a, Photographs of FAPbI3 films on SnO2-coated 

ITO substrates with different annealing times at 150 oC. Control: bare FAPbI3, 1P: FAPbI3 with 

1.67 mol% PEA2PbI4, 3P: FAPbI3 with 3.33 mol% PEA2PbI4, and 3F: FAPbI3 with 3.33 mol% 

FPEA2PbI4. b, In-situ grazing incident wide angle X-ray scattering (GIWAXS) measurements of 

corresponding films deposited on silicon wafer substrates. c, Isothermal transformation diagrams 

showing the evolution of the α-FAPbI3 phase proportion in the films as a function of annealing time 

at 150 oC on silicon wafers (upper panel) and on SnO2-coated ITO substrates (lower panel).  
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Figure 6.2. Transmission electron microscopy (TEM) images and density functional theory 

(DFT) calculations. a-d, In-situ TEM images of the δ-FAPbI3 film annealed at the phase conversion 

temperature for different times. The relatively bright spots are the cubic phase nuclei transformed 

from the hexagonal phase. High-resolution TEM images of FAPbI3 films incorporated with 3.33 

mol% FPEA2PbI4 e, f, before and h, i, after the phase conversion process. f and i show magnified 

TEM images of the regions highlighted with yellow dashed boxes in e and h, respectively. g and j 

show corresponding fast Fourier transform (FFT) analysis of images f and i, respectively. Figure 

6.2e-j are from samples prepared by scratching off the films from the substrate. k, DFT-calculated 

free energy barriers (∆𝐺𝑐s) for phase conversion from cubic to hexagonal (α→δ), from hexagonal to 

cubic (δ→α), and formation enthalpy of the cubic phase (∆𝐻) with respect to that of the hexagonal 

phase. Dashed lines and solid lines indicate ∆𝐺𝑐 without and with strain, respectively. The interlayer 

spacing of the strain-free hexagonal phase, layered perovskite and cubic phase are indicated with 
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gray colored dashed vertical lines (d-spacings of DFT optimized structures). l, Schematic free energy 

diagrams for the hexagonal and cubic phased FAPbI3 at different temperatures and strain condition. 

T is temperature and Tc is the temperature for phase conversion. 

 

Figure 6.3. Crystallographic analyses before and after the phase conversion. X-ray diffraction 

(XRD) patterns of the films a, before and b, after the phase conversion process. c, High-resolution 

X-ray diffraction (XRD) patterns of the films after the phase conversion process. Inset shows the 

normalized (002) orientation peaks. d-g, XRD pole figure measurements along the (001) 

orientation of the d, control, e, 1P, f, 3P, and g, 3F films h. Composition-dependent strain before 

phase conversion and crystallite size of the films before and after the phase conversion process. The 

strain was calculated using the Williamson-Hall method from δ-FAPbI3 films. The δ-FAPbI3 

crystallite sizes were calculated by the Williamson-Hall method, while the α-FAPbI3 crystallite 

sizes were extracted from the AFM images. i, Steady-state photoluminescence (PL) and j, time-

resolved PL decay profile measurements of the corresponding films. Insets of I show peak intensity 
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(left) and normalized PL spectra (right). 

 

Figure 6.4. Proof-of-concept devices. a, Device structure schematics and corresponding cross-

sectional scanning electron microscopy (SEM) images of the solar cell devices based on the FAPbI3 

film with nano heteroepitaxy (NHE, with 3.33 mol% FPEA2PbI4). b, Current density-voltage (J-V) 

and c, external quantum efficiency (EQE) curves of solar cell devices based on a bare FAPbI3 film 

(control) and a FAPbI3 film with NHE. Inset of b shows steady-state power conversion efficiencies 

(SSPCEs) measured at maximum power points. d, Voltage-radiance curves of the light emitting diode 

(LED) devices, and e, corresponding EQE curves of the LED devices based on the control and NHE 

films. Inset of d shows the electroluminescence spectra of the LED devices. Operational stability 

measurements of the f, solar cell (normalized SSPCE) and g, LED devices (normalized radiance) 

based on the control and NHE films. 

 

Table 6.1. Measured performance parameters of perovskite solar cells and light-emitting 

diodes based on the control and NHE films. Short-circuit current density (JSC), open-circuit voltage 

(VOC), fill factor (FF), and power conversion efficiency (PCE) of the solar cells. Maximum radiance 

and external quantum efficiency (EQE) of the light-emitting diodes. The PCE values in parenthesis 
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are steady-state PCEs measured at maximum power points. The T80 and T50 lifetimes of the solar 

cells and light-emitting diodes were extracted from Figure 6.4f, g, respectively. 

 

 Solar Cells Light-emitting Diodes 

 JSC 

(mA/cm2) 

VOC 

(V) 
FF 

PCE  

(%) 

T80 

lifetime 

(h) 

Maximum 

Radiance 

(W/sr m2) 

Maximum 

EQE 

(%) 

T50 

lifetime 

(min) 

Control 23.69 1.040 0.649 
15.99 

(15.12) 
726.3 70.78 1.11 5.7 

NHE 24.93 1.101 0.788 

21.64 

(20.87

) 

2025.6 187.7 8.28 1042.4 
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Appendix A. Supplementary Figures 

 

 

Figure A2.1. Photovoltaic parameters of control and treated devices. Box plots showing the 

distribution of the open-circuit voltage (VOC), short-circuit current density (JSC), fill factor (FF), and 

power conversion efficiency (PCE) of the control and treated devices. Parenthesis indicate 

parameters measured in forward scan. 
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Figure A2.2. Photovoltaic performance of treated devices. a, Current density and voltage (J-V) 

curves of the champion devices in reverse (1.2 V to -0.1 V) and forward (-0.1 V to 1.2 V) scan and 

b, stabilized power output (SPO). 

 

Figure A2.3. Theoretical slab models for first-principles calculations. (001) slab models of 

FAPbI3 perovskite with a, FAI, b, PbI2 (flat), c, FAI with evaporated FA, and d, vacant termination. 

Their calculated respective surface energies (𝛾𝑠𝑢𝑟𝑓) are included.  
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Figure A2.4. Fermi level (EF) dependence of the surface formation energies. a, EF dependence 

of the surface formation energies of neutral and charged iodine interstitial point defects. Transition 

levels are marked with green dots. EF = 0 is set at the valence band maximum. b, charge transition 

levels of 𝐼i  in FAPbI3. Red and grey shaded areas mark the conduction band and valence band, 

respectively. 

 

Figure A2.5. Positron Annihilation Spectroscopy (PAS). Schematic of the PAS technique. 
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Figure A2.6. Shape parameters of the perovskite films. Surface and bulk shape parameters of the 

control and treated perovskite films on glass. Grey highlighted area demarcates the upper and lower 

bounds of the ‘w/ 30 mM (no anneal)’ condition.   
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Figure A2.7. X-ray diffraction (XRD) measurements on the perovskite films. XRD 

diffractograms of the control and treated perovskite films after different exposure times to iodine 

vapour.  

 

Figure A2.8. Atomic coordination structures. Transition state atomic coordination for the a, 

defect-free, and b, with iodine interstitial (in green) lattices. Atoms are expressed by spheres; iodine 

(purple), and lead (grey). 
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Figure A2.9. Density of states (DOS) simulated with first-principles calculations. DOS of the 

defect-free, defected and passivated FAI-terminated surfaces.  
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Figure A2.10. Positron Annihilation Spectroscopy on treated perovskite films. a, Shape 

parameter as function of depth of perovskite films on glass treated with 20 mM of either PAI or 

PATFA. Blue shaded area indicates assumed passivation layer thickness based on previous report.2 

Lines are fitted using dedicated software Vepfit. b, Magnified region of (a). Inset shows the 

averaged shape parameter from the raw data points from mean depth of 10 to 50 nm in a running 

average series. Yellow shaded area demarcate the upper and lower bounds for the film treated with 

PATFA. 
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Figure A2.11. Fermi level (EF) dependence of the surface formation energies. a, EF dependence 

of the surface formation energies of neutral and charged iodine interstitial point defects, calculated 

for a FAI-terminated FAPbI3 slab with PA+ cation as the capping layer. EF = 0 is set at the valence 

band maximum. 
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Figure A2.12. Photovoltaic parameters of control and treated devices. Box plots showing the 

distribution of the open-circuit voltage (VOC), short-circuit current density (JSC), fill factor (FF), and 

power conversion efficiency (PCE) of the control and treated devices. 
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Figure A2.13. Device external quantum efficiency (EQE) spectra. EQE spectra and integrated JSC 

of the control and treated devices.  

 

Figure A2.14. Excitation wavelength dependant penetration depth. Decay of the beam intensity 

according to Beer-Lambert’s law with perovskite film depth with different excitation sources. The 

penetration depth is defined at the depth where the intensity decays to (1/e) of its initial value 



     

106 

 

(horizontal dashed line) 

 

Figure A2.15. Steady-state photoluminescence (PL) spectra of the perovskite films. PL spectra 

of the control and treated perovskite films on glass probed with an excitation wavelength of 640 

nm.  
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Figure A2.16. X-ray photoelectron spectroscopy (XPS) measurements on the perovskite films. 

High resolution XPS spectra of the Pb 4f 5/2 and Pb 4f 7/2 peaks of the control and treated 

perovskite films. Red vertical dashed lines demarcate the peak positions of the PAI treated film. 

 

Figure A2.17. X-ray diffraction (XRD) measurements on the perovskite films. XRD 

diffractograms of the control and treated perovskite films after different exposure times to iodine 

vapour.  
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Figure A2.18. Ultraviolet-visible spectroscopy measurements on the perovskite films. a, control, 

b, w/ PAI and c, w/ PATFA treatment. Absorption spectra of the control and treated perovskite films 

after different exposure times to RH 75 ± 10 %.  
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Figure A2.19. X-ray diffraction (XRD) measurements on the perovskite films. X-ray 

diffractograms of the control and treated perovskite films a, before and b, after exposure to RH 75 ± 

10 % for 32 h.   

 

 

 

Figure A2.20. Contact angle measurements of the perovskite films. Water contact angles of the 

control and treated perovskite films. The averages for three films of each condition are included.  
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Figure A2.21. α-phase stability of films with different PAI concentration. Hexagonal δ(010)-to-

cubic α(100) x-ray diffraction (XRD) peak intensity ratio of the perovskite films as a function of 

exposure time to RH 75 ± 10 %. 

 

Figure A2.22. Stabilized power output (SPO) of devices with different PAI concentration. 

SPO of devices treated with a, 5 mM, b, 15 mM, and c, 30 mM of PAI. Horizontal dashed lines 

mark the initial SPO. 

 

 

Figure A3.1. Photographs of ammonium salts in CF. Photographs of (a) 30 mmol OAI in CF, (b) 

pure CF, and (c) 30 mmol PEAI in CF. OAI formed a suspension in CF while PEAI remained 

(a) (b) (c)
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undissolved at the bottom of the vial in (c). 

 

Figure A3.2. PL penetration depth estimation. Intensity decay calculated using the Beer-

Lambert law. The absorption coefficient is assumed to be 2 x 105 cm-1 as was reported for α-FAPbI3 

thin films.2 The penetration depth is defined as the depth by which the intensity decays to 
1

𝑒
 of its 

initial value.   
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Figure A3.3. In situ and time-resolved PL spectra of the perovskite films. (a) Evolution of the 

raw PL spectra of the perovskite film undergoing treatment with IPA. (b) Normalized time-resolved 

PL spectra of the perovskite films on glass. Solid white lines are the fitted profiles using a mono-

exponential decay function. (c) Contour plot and (d) evolution of the PL intensity of a perovskite 

film with time. 
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Figure A3.4. PAS profile of the perovskite films. PAS depth-profiling of the (a) control and (b) 

treated perovskite films. 
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Figure A3.5. Device energy alignment and performance. (a) Schematic band diagram of the 

energy levels of the IPA treated perovskite film relative to the fermi level. Current density-voltage 

curves of the (b) control and (c) treated devices in reverse (in black) and forward (in blue) scans.  

 

Figure A3.6. Humidity stability testing on the perovskite films. Absorbance at 600 nm of the 

perovskite films exposed to RH 75 ± 10% with time. Inset shows photographs of the films.  
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Figure A3.7. Modified surface treatment process. Schematic performance for the (a) 

conventional and (b) modified surface treatments procedures. (c) Enthalpy of adsorption of OABr 

on the surfaces. 

 

Figure A3.8. In situ PL of films undergoing surface treatment.  Evolution of the PL intensity of 

films treated with (a) 10 mM OAI or (b) 10 mM PEAI as a function of time. 
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Figure A3.9. In situ PL of films undergoing post-annealing. Contour plots of perovskite films 

treated with (a) 25 mM OAI or (b) 25 mM PEAI in IPA undergoing post-annealing. Evolution with 

time of the raw PL spectra of the films treated with (c) 25 mM OAI or (d) 25 mM PEAI during 

post-annealing. (E) Deconvoluted peaks of the PL spectra at 300s for the OAI treated film. 

 

Figure A4.1. Work function change with ammonium iodide surface treatments. UPS 

secondary electron cut-offs of perovskite films treated with various ammonium iodide salts. Labels 

are PEA: phenylethylammonium, BA: butylammonium, OA: octylammonium, DA: 

dodecylammonium.  
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Figure A4.2. XPS characterization of the films. High-resolution Pb 4f spectra of the films. 

Dashed vertical lines demarcate the peak positions for the Reference film. The Pb 4f peaks of the 

OAI-treated film shifted to a higher binding energy relative to the Reference film, consistent with 

the interaction of alkylammonium iodides with Pb.19 For the OATsO-treated film, the shift to lower 

binding energy is also consistent with the interaction of the -SO3
- group of [TsO]- with Pb.20  

 

Figure A4.3. Morphology of the perovskite films. Surface morphology of the a, Reference, b, 

OAI-treated, c, OATsO-treated, d, OATFA-treated, e, OABr-treated, and f, OABF4-treated 

perovskite films measured by SEM. All scale bars represent 2 μm. No obvious difference can be 

seen between the Reference and post-treated perovskite films.       
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Figure A4.4. Topography of the passivated perovskite films. Representative 3D topography of 

the a, OAI-treated, b, OABF4-treated, and c, OATsO-treated perovskite films measured by AFM. 

All scale bars represent 2 μm. d, Comparison of the height depth distribution of the films. Depth 

distribution histograms for the e, OAI-treated, f, OABF4-treated, and g OATsO-treated perovskite 

films. Insets include the fitted statistical parameters. SD: standard deviation.  
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Figure A4.5. Heterointerface energy band diagrams. Schematic interpretation of the 

heterointerface band alignments of the a, OAI-treated and b, OATsO-treated devices under 

illumination in open-circuit condition. The band alignments are constructed based on the UPS 

results. CBM: conduction band minimum, VBM: valence band maximum, 𝐸𝑓𝑛: electron quasi-

fermi level,  𝐸𝑓𝑝: hole quasi-fermi level. The dashed gray lines in (b) indicate 𝐸𝑓𝑛 and 𝐸𝑓𝑝of the 

OAI-treated device from (a). The diagrams are not drawn to scale. Both surface treatments create a 

type I energy alignment at the heterointerface, but the vacuum level upshift of the OATsO-treated 

device minimized the potential well to mitigate the electron accumulation. 
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Figure A4.6. Device cross-sectional KPFM profiling. a, CPD profile, b, KPFM spatial mapping, 

c, corresponding AFM spatial mapping, and d, electric field distribution of the OAI-treated device. 

e, CPD profile, f, KPFM spatial mapping, g, corresponding AFM spatial mapping, and h, electric 

field distribution of the OATsO-treated device. Measurements were performed under illumination 

in open-circuit condition. All scale bars represent 300 nm. The CPD offsets were adjusted such that 

the CPD value of the buffer layer becomes zero. Note that this does not affect the electric field and 

charge displacement profiles, which calculate the derivatives of the CPD profiles. Although we do 

not expect the rough morphology seen in (c) to affect the KPFM signal, we cannot completely rule 

this out at this stage. Therefore, we have repeated the KPFM measurement on another separate 

OAI-treated device. As shown in Figure A4. 4. 4, we were able to reproduce the potential drop at 

the perovskite/spiro-MeOTAD heterointerface.  

 

Figure A4.7. Cross-sectional KPFM schematic. Schematic illustrating the KPFM measurement 

setup and planar device structure of ITO/SnO2/perovskite/spiro-MeOTAD/Au. The MgF2 buffer 

layer prevents slippage of the cantilever tip at a “cliff”. Often, the device cross-sections are not 

parallel, due to the uncontrollable nature of the mechanical cleaving process. Therefore, the 

measured distance may not represent the layer thickness. Note that we purposely avoided using FIB 

or mechanical polishing for the KPFM samples, as such processing may modify the properties of 

the exposed cross-sectional surface.21 

 

 

SnO2/ITO

Perovskite

Spiro

Au

Glass

Thickness
Measured 

distance

MgF2 buffer layer

Scan 

direction

Prevents cliff 

slippage



     

121 

 

 

Figure A4.8. Cross-sectional KPFM profiling of another OAI-treated device. a, AFM spatial 

mapping of an OAI-treated device. Yellow arrows in (a) indicate damaged regions due to the 

mechanical cleaving process. b, KPFM spatial mapping, and c, CPD profile of the OAI-treated 

device. The magnified KPFM image in (b) spatially corresponds to the blue square region in (a). 

All scale bars represent 500 nm. The ΔEvac value from the CPD profile matches those previously 

measured as shown in Figure A4. 4. 5. 
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Figure A4.9. Different measurements of the vacuum level change. Comparison of the ΔEvac or 

ΔW of the perovskite devices or films measured from KPFM or UPS.  

 

Figure A4.10. PL mapping of the passivated films. Representative confocal PL maps of the a, 

OAI-treated, b, OABF4-treated, c, OATsO-treated perovskite films on glass. All scale bars 

represent 5 μm. PL intensity distribution histograms of the d, OAI-treated, e, OABF4-treated, f, 

OATsO-treated perovskite films on glass. Insets include the fitted statistical parameters. SD: 

standard deviation. 
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Figure A4.11. Photo-transient measurements of the complete devices. Normalized a, transient 

photovoltage decay and b, transient photocurrent decay of the complete devices.  

 

Figure A4.12. GIXRD characterization of the films. Grazing incidence X-ray diffraction 

(GIXRD) of the a, Reference, b, OAI-treated, c, OATsO-treated, d, OATFA-treated, e, OABr-

treated, and f, OABF4-treated perovskite films. Measurements were performed at an ω = 0.2°, with 

an estimated penetration depth of <60 nm. 
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Figure A4.13. Device photovoltaic parameters. Box plots showing the distribution of the a, VOC, 

b, JSC, c, FF, and d, PCE of the devices. Center line: median, box limits: 25th and 75th percentile, 

whiskers: outliers. 
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Figure A4.14. Characterization of the OATsO-treated devices. a, Current density-voltage 

curves of the best-performing OATsO-treated device, in reverse bias (blue line) and forward bias 

(red line). Inset includes the measured photovoltaic parameters. b, EQE spectrum and integrated 

JSC of an OATsO-treated device. The integrated JSC is 24.6 mA cm-2, and therefore well-matched 

(<3% discrepancy) with the measured value. c, Absorbance profile of an OATsO-treated film on 

glass measured by UV-Vis spectroscopy. Inset includes a Tauc plot and linear fits to estimate the 

optical bandgap.   
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Figure A4.15. Third-party device performance measurements. a, Current density-voltage curve 

and b, box plot showing the PCE distribution of the encapsulated OATsO-treated devices. Since the 

measurements were fully done in ambient air (RH ~50%), all devices had to be encapsulated, which 

resulted in a drop in performance. c, PCE evolution with time under lightsoaking of an 

encapsulated OATsO-treated device. Current density-voltage curves of the same device a, before 

and b, after the encapsulation procedure, measured in-house.  
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Figure A4.16. Universality verification on a FAPbI3 composition.  

a, UPS secondary electron cut-offs of the perovskite films. b, Steady-state and c, time-resolved PL 

spectra of the glass/perovskite films. d, Steady-state and e, time-resolved PL spectra of the 

glass/perovskite/spiro-MeOTAD films. The carrier lifetimes are fitted with a mono-exponential 

decay function. f, Box plots of the distribution of the device photovoltaic parameters. Center line: 

median, box limits: 25th and 75th percentile, whiskers: outliers. g, Current density-voltage curves 

and h, EQE spectrum and integrated JSC of the best-performing device treated with OATsO. The 

integrated JSC is 25.4 mA cm-2, well-matched (~3% discrepancy) with the measured scan value. 
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Figure A4.17. Device hysteresis behavior. a, Current density-voltage curve of the a, Reference, b, 

OAI-treated, c, OATsO-treated, d, OATFA-treated, e, OABr-treated, and f, OABF4-treated devices, 

in reverse bias (black solid lines) and forward bias (red dashed lines). Insets include the measured 

photovoltaic parameters. We note that these devices did not have the MgF2 anti-reflection coating. 

The hysteresis index (HI) is included in the insets. 
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Figure A4.18. Open-circuit stability test device performance. Evolution with time of the 

normalized average a, Jsc, b, VOC, and c, FF of the devices under continuous illumination with a 

metal halogen lamp. The encapsulated devices were aged in ambient atmosphere at RH ~ 40% and 

T ~ 40 °C in open‐circuit condition. Error bars represent the standard deviation of four devices for 

each condition. 
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Figure A4.19. STEM images of the aged devices. STEM bright field images of the aged a, OAI-

treated and b, OATsO-treated device cross-sections. All scale bars represent 200 nm.  

  

Figure A4.20. EDX analyses of the aged devices. EDX elemental maps of lead for the a, OAI-

treated and b, OATsO-treated device cross-sections. All scale bars represent 200 nm. 
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Figure A4.21. Halide distribution in the aged devices. Average atomic ratio distributions across 

the a, OAI-treated and b, OATsO-treated device cross-sections, and iodine for the c, OAI-treated 

and d, OATsO-treated device cross-sections. e, Peak values extracted from (a)-(d) at the electrode 

region. The average atomic ratios were calculated by simply multiplying the normalized signal 

intensity with the nominal perovskite stoichiometry.      

 

Figure A4.22. XRD analyses of the aged devices. XRD diffraction patterns measured with an ω-

2θ setup of the aged a, OAI-treated and b, OATsO-treated devices. These were the same devices 

used for the STEM analyses, and were recovered after FIB milling. X-rays from the ω-2θ 

diffraction setup were able to penetrate through the top electrode and spiro-MeOTAD layers to 

probe the active layer itself. Concurrently, given the large penetration depth of ω-2θ XRD (>700 

nm), it is not sensitive to the ultrathin 2D interlayer, which is only detectable by the GIXRD 

measurements. 
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Figure A4.23. Activation energy for halide migration. Energy profiles for the extra-lattice 

migration of a, bromine and b, iodine in a neutral uncharged or negatively charged environment, 

and c, corresponding activation energy barriers. Energy profiles for the intra-lattice migration of d, 

bromine and e, iodine in a neutral uncharged or negatively charged environment, and f, 

corresponding activation energy barriers. 

 

Figure A4.24. Half-device photostability test. Stability evolution with time of half-devices aged 

under continuous illumination in a nitrogen atmosphere. The time elapsed refers only to the time 

under illumination. Error bars represent the standard deviation of four devices for each condition.  
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Figure A4.25. Electrostatic potentials of various cations. Electrostatic potential maps of a, 

[BA]+, b, [OA]+, and c, [DA]+. Included are their respective dipole moments (µ).  

 

 

Figure A4.26. Electrostatic potentials of various anions. Electrostatic potential maps of a, [I]-, b, 

[Br]-, c, [TFA]-, and d, [TsO]-. Included are their respective dipole moments (µ).  
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Figure A4.27. Surface states and charge displacement. Charge displacement with surface iodine 

vacancy defect (VI) with a, [OA]+ or b, [TsO]-, and c, corresponding charge displacement profiles. 

Charge displacement with surface lead-iodine antisite defect (PbI) with d, [OA]+ or e, [TsO]-, and f, 

corresponding charge displacement profiles. Blue and yellow volumes on the slab models 

correspond to electron-depleted or electron-enriched regions, respectively. The point defects are 

marked by pink squares. 
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Figure A4.28. Charge displacement profiles with different anions and concentrations. Charge 

displacement profiles on defect-free surfaces with a, [I]-, b, [Br]-, and c, [TFA]-. Charge 

displacement profiles on defect-free surfaces with increasing [OA]+ or [TsO]- surface concentration 

from d, 25 %, to e, 50 %, and to f, 100 %. 
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Figure A4.29. Device photovoltaic parameters with different tosylate-based salts. Box plots 

showing the distribution of the a, VOC, b, JSC, c, FF, and d, PCE of the devices. Center line: 

median, box limits: 25th and 75th percentile, whiskers: outliers. 

 

Figure A4.30. 1H NMR spectra of p-Toluenesulfonic acid (red), octylamine (blue) and OATsO salt 

1.12

1.14

1.16

1.18

BA
+
TsO

-
  HA

+
TsO

-
   OA

+
TsO

-
   DA

+
TsO

-

V
O

C
 (

V
)

23.0

23.5

24.0

24.5

P
C

E
 (

%
)

BA
+
TsO

-
  HA

+
TsO

-
   OA

+
TsO

-
   DA

+
TsO

-
78

79

80

81

82

83

84

BA
+
TsO

-
  HA

+
TsO

-
   OA

+
TsO

-
   DA

+
TsO

-

F
F

 (
%

)

24.5

25.0

25.5

26.0

BA
+
TsO

-
  HA

+
TsO

-
   OA

+
TsO

-
   DA

+
TsO

-

J
S

C
 (

m
A

 c
m

-2
)

a b

c d



     

137 

 

(black) in DMSO-d6. The chemical structures and reaction scheme are shown above the spectra. All 

atoms are labelled for identifying their corresponding peaks in the spectra. 

 

Figure A5.1. a) X-ray diffraction spectra in logarithmic scale and b) top surface scanning electron 

microscopy image of the AcePbI3 film. Scale bar in b is 1 µm.  

 

Figure A5.2. a) Weight loss and b) first derivative of weight loss as a function of temperature of the 

perovskite powders and AceI precursor measured using thermogravimetric analysis. 
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Figure A5.3. Iodide ion migration activation energy for MAPbI3, Ace0.25MA0.75PbI3 and 

GA0.25MA0.75PbI3 calculated using DFT. Included are transition states corresponding to the 

maximum energy states, showing the hydrogen bond length between the migrating iodide ion 

(highlighted in green) and the nearest neighbouring hydrogen atom. 

 

Figure A5.4. X-ray diffraction spectra in logarithmic scale of the AcexMA1-xPbI3 films with different 

values of x. 
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Figure A5.5. Top surface scanning electron microscopy images of the AcexMA1-xPbI3 films with 

different amounts of Ace substituted. Scale bar is 1 µm.    

 

Figure A5.6. Apparent grain size of the AcexMA1-xPbI3 films with different amounts of Ace 

substituted determined from the top surface scanning electron microscopy images. 
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Figure A5.7. a) X-ray photoelectron spectroscopy (XPS) spectra of the AcexMA1-xPbI3 films with 

different amounts of Ace substituted, showing the fitted lines for the deconvoluted N 1s peaks from 

the NH3
+

 group in MA (cyan) and NH2
+ group in Ace (blue), the convoluted peak (red), and the 

background (gray). The raw data is shown as empty circles. b) Comparison of the percentage Ace in 

the precursor solution versus the percentage in the perovskite film as determined from the XPS fitting.   

 

Figure A5.8. X-ray diffraction spectra in logarithmic scale of the GAxMA1-xPbI3 films with different 

values of x. 
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Figure A5.9. Lattice volume expansion of the AcexMA1-xPbI3 or GAxMA1-xPbI3 films with 

different values of x with respect to MAPbI3. 

 

Figure A5.10. Absorption profile of the AcexMA1-xPbI3 films as a function of photon energy.   
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Figure A5.11. Box plots showing the distribution of the a) open-circuit voltage (VOC), b) short-circuit 

current density (JSC), c) fill factor (FF), and d) power conversion efficiency (PCE) of the AcexMA1-

xPbI3 devices with different percentages of Ace substituted. 

 

Figure A5.12. Box plots showing the distribution of the short-circuit current density (JSC), open-

circuit voltage (VOC), fill factor (FF), and power conversion efficiency (PCE) of the MAPbI3 and 

Ace0.03MA0.97PbI3 devices. 
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Figure A5.13. External quantum efficiency (EQE) spectra and integrated JSC of the MAPbI3 and 

Ace0.03MA0.97PbI3 devices.  

 

Figure A5.14. a) Current density and b) power conversion efficiency (PCE) of the champion 

MAPbI3 and Ace0.03MA0.97PbI3 devices as a function of time at a constant applied bias.  
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Figure A5.15. Current density and voltage (J-V) curves of the a) MAPbI3 and b) Ace0.03MA0.97PbI3 

devices with different scan directions. 

 

Figure A5.16. Dark current density and voltage (J-V) curves of the MAPbI3 (MA) and 

Ace0.03MA0.97PbI3 (AceMA) devices. Solid lines are fitted to extract the shunt (Rsh) and series (Rs) 

resistances, ideality factor (n) and dark current (J0). 
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Figure A5.17. Trap density of states (tDOS) of the MA and AceMA devices measured using 

Thermal Admittance Spectroscopy. 
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Figure A5.18. Degradation of the a) open-circuit voltage (VOC), b) short-circuit current density (JSC), 

and c) fill factor (FF) of the MAPbI3 and Ace0.03MA0.97PbI3 devices aged under continuous 1 sun 

intensity illumination at open-circuit conditions.  
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Figure A5.19. Degradation of the a) open-circuit voltage (VOC), b) short-circuit current density (JSC), 

and c) fill factor (FF) of the MAPbI3 and Ace0.03MA0.97PbI3 devices aged under continuous heating 

at 85 °C in a nitrogen atmosphere.  
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Figure A5.20. X-ray diffractogram of the a) MAPbI3 and b) Ace0.03MA0.97PbI3  films before and after 

the humidity (RH 70 ± 15%) aging. Degradation of the c) normalized absorbance at 600 nm and d) 

stabilized and reverse scan power conversion efficiency of the MAPbI3 and Ace0.03MA0.97PbI3 films 

and devices, respectively, aged under a humid environment (RH 70 ± 15%). 
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Figure A5.21. X-ray diffractogram of the a) MAPbI3 and b) Ace0.03MA0.97PbI3  films before and after 

the ambient (RH 30 ± 5%) aging. Degradation of the c) normalized absorbance at 600 nm and d) 

stabilized and reverse scan power conversion efficiency of the MAPbI3 and Ace0.03MA0.97PbI3 films 

and devices, respectively, aged under an ambient environment (RH 30 ± 5%). 
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Figure A5.22. Formation enthalpy per formula unit of the MAPbI3 and Ace0.25MA0.75PbI3 

compositions calculated using ab initio simulations. 

 

Figure A5.23. Temperature-dependent conductivity of the a) FAPbI3 and b) MA0.05FA0.95PbI3 and 

c) Cs0.05FA0.95PbI3 lateral devices.  
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Figure A5.24. Iodide ion migration activation energy for FAPbI3, MA0.25FA0.75PbI3 and 

Cs0.25FA0.75PbI3 calculated using DFT. Included are transition states corresponding to the maximum 

energy states, showing the bond length between the migrating iodide ion (highlighted in green) and 

the nearest neighboring atom. 
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Figure A6.1. Charge distribution determined by density functional theory (DFT) calculation. 

Schematics showing molecular structure structure of  a, phenethylammonium cation (PEA+) and  b, 

4-fluoro-phenethylammonium cation (FPEA+). Charge distribution of the c, e, PEA+ and d, f, 

FPEA+ molecules calculated by DFT calculation. c, d, top and e, f, cross sectional views 

 

Figure A6.2. X-ray diffraction (XRD) patterns of PEA2PbI4 and FPEA2PbI4 films. a, XRD patterns 

of PEA2PbI4 and FPEA2PbI4 films on a glass substrate. The peaks indexed by * is from (001) 

orientation of PbI2. b, The normalized (002) orientation peaks where the open circles are measured 

data and solid lines are the fitted curves using a Lorentzian distribution function. 
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Figure A6.3. X-ray diffraction (XRD) patterns of FAPbI3 films with different compositions and 

annealing time at 150 oC. a, control: bare FAPbI3, b, 1P: FAPbI3 with 1.67 mol% PEA2PbI4, c, 3P: 

FAPbI3 with 3.33 mol% PEA2PbI4, and d, 3F: FAPbI3 with 3.33 mol% FPEA2PbI4. 
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Figure A6.4. a-d, In-situ cross-sectional transmission electron microscopy (TEM) images of the 

layered perovskite (LP) in the FAPbI3 film incorporated with 3.33 mol% FPEA2PbI4. The film was 

heated for different times to induce the phase transition of FAPbI3 from its hexagonal phase to 

cubic polymorph. Cross sectional TEM images of FAPbI3 films with 3.33 mol% FPEA2PbI4 e, 

before and f, after the in-situ measurement to induce the phase transition. Thickness of the sample 
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was around 50 nm. g,h, The magnified TEM images after the in-situ measurement, showing 

interface between LP phase and epitaxially grown FAPbI3. 

 

 

Figure A6.5. Scanning transmission electron microscopy images of FAPbI3 films with 3.33 mol% 

FPEA2PbI4, a, before phase transition b, after phase transition. The samples were prepared by 

scratching off the films from the substrate. 

 

 

Figure A6.6. Transmission electron microscopic (TEM) analysis FAPbI3 films. TEM images of the 

bare hexagonal a, b, and cubic d, e, FAPbI3 film. b and e shows the magnified image of region 1 

and 2, respectively. c and f show FFT analysis of the region 1 and 2 respectively. The samples were 

prepared by scratching off the films from the substrate. 
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Figure A6.7. Schematics of perovskite crystal structure and their interfacial alignments. a, The 

interface between the hexagonal FAPbI3 and FPEA2PbI4 crystals and b, the interface between the 

cubic FAPbI3 and FPEA2PbI4 crystals determined by transmission electron microscopy studies. c-f, 

Density functional theory (DFT) optimized crystal configurations of FAPbI3 and layered 

perovskite. δ-FAPbI3 c, α-FAPbI3 d, and transition state with the highest energy (saddle point, e) , 

and layered perovskite (f), where their interplanar distances are indicated in each figure. Purple 

spheres: iodine, black spheres: lead, brown spheres: carbon, white spheres: hydrogen 
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Figure A6.8. Phase conversion energetics without strain a, Energy landscape of the phase 

conversion of FAPbI3. b, Atomic configurations of the cubic, hexagonal and transition state phases. 

c, Crystal models showing the phase conversion pathway where the atoms numbered to track their 

redistribution due to the phase conversion. Purple spheres: iodine, black spheres: lead, brown 

spheres: carbon, white spheres: hydrogen. 
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Figure A6.9. Calculated energy landscape for ratational motion of the FA+ molecule. a, The 

energy landscape of the rotational motion of FA+ in hexagonal phase without and with strain. Two 

different orientation was calculated (z and x axis). b, The energy landscape of the rotational motion 

of FA+ in cubic phase without and with strain. 

 

Figure A6.10. Willamson-Hall analysis of hexagonal FAPbI3 films with different composition. a, 

control: bare FAPbI3, b, 1P: FAPbI3 with 1.67 mol% PEA2PbI4, c, 3P: FAPbI3 with 3.33 mol% 

PEA2PbI4, d, 3F: FAPbI3 with 3.33 mol% FPEA2PbI4. The filled curcles are measured data and 

dashed lines are fitted lines. 
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Figure A6.11. Atomic force microscopic (AFM) images of FAPbI3 films. a, control: bare FAPbI3, 

b, 1P: FAPbI3 with 1.67 mol% PEA2PbI4, c, 3P: FAPbI3 with 3.33 mol% PEA2PbI4, d, 3F: FAPbI3 

with 3.33 mol% FPEA2PbI4. 
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Figure A6.12. Grain size distribution extracted from the atomic force microscopy images. a, 

control: bare FAPbI3, b, 1P: FAPbI3 with 1.67 mol% PEA2PbI4, c, 3P: FAPbI3 with 3.33 mol% 

PEA2PbI4, d, 3F: FAPbI3 with 3.33 mol% FPEA2PbI4. 
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Figure A6.13. Proposed mechanism for the bulk heteroepitaxy process. a, Phase conversion 

process of the bare FAPbI3 film. b, Phase conversion process of FAPbI3 with added layered 

perovskite. GB: grain boundary, 𝜸: surface energy 

 

Figure A6.14. Calculated surface energies for a, α-FAPbI3 and b, δ-FAPbI3 c, d, Crystal 

configurations used for the calculations; c, α-FAPbI3, d, δ-FAPbI3. 
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Figure A6.15. Absorption spectra of FAPbI3 films. Control: bare FAPbI3, 1P: FAPbI3 with 1.67 

mol% PEA2PbI4, 3P: FAPbI3 with 3.33 mol% PEA2PbI4, 3F: FAPbI3 with 3.33 mol% FPEA2PbI4. 

 

Figure A6.16. Space charge limited current (SCLC) measurement of the FAPbI3 films. a, control: 

bare FAPbI3, b, 1P: FAPbI3 with 1.67 mol% PEA2PbI4, c, 3P: FAPbI3 with 3.33 mol% PEA2PbI4, 

d, 3F: FAPbI3 with 3.33 mol% FPEA2PbI4. Trap filling voltages (VTFL) for each graph was 

determined from the linear intercept of the red lines where the characteristic current-voltage 
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relationship transfer from ohmic (I∝V) to trap-filling (I∝Vn>3) regime. 

 

Figure A6.17. Determination of bandgap of layered perovskites. a, UV-vis absorption spectra of 

PEA2PbI4 and FPEA2PbI4 films on a glass substrate. b, Linear interpolation of absorption onset 

region and calculated bandgaps. 
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Figure A6.18. Ultraviolet photoelectron spectroscopy (UPS) measurement of layered perovskites. 

a, UPS spectra of PEA2PbI4 and FPEA2PbI4 films on a ITO substrate. b, cutt-off and c, onset 

regions of the spectra. d, Calculated band structure of the α-FAPbI3, PEA2PbI4 and FPEA2PbI4. 

CBM and VBM stand for conduction band minimum and valence band maximum, respectively. 

 

Figure A6.19. X-ray diffraction (XRD) patterns on different substrates. XRD patterns of bare 

FAPbI3 (control) and FAPbI3 with addition of 3.33 mol% FPEA2PbI4 (3F). a, Glass,  b, ITO, c, 

polyethylene naphthalate (PEN), d, SnO2, e, fluorine doped tin oxide (FTO), and f, silicon wafer. 

The data obtained on PEN substrate is plotted in logarithmic scale to distinguish the signal from 

FAPbI3 from huge substrate peaks (#). 
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Figure A6.20. Thickness control of NHE-FAPbI3 films. Film thickness control by tuning the initial 

deposition of δ-FAPbI3 as a function of a, different spin-coating deposition rate (rpm) and b. 

perovskite precursor concentration. The spin-coated δ-FAPbI3 is then regularly annealed to trigger 

the NHE phase conversion process, and the thickness is measured after the NHE process. 

 

Figure A6.21. Dark current measurement of solar cell devices. Dark current density-voltage (J-V) 

curves of solar cell devices based on a a, bare FAPbI3 film (control) and b, FAPbI3 film with 3.33 

mol% FPEA2PbI4 (target).  Open circles indicate measured data while solid lines indicate fitted 

curves. The fitted shun resistance (Rsh), series resistance (Rs), ideality factor (n) and saturation 

current (J0) are presented in the tables.  

 

Figure A6.22. Current density-voltage (J-V) and capacitance-voltage (C-V) curves of light emitting 

diode (LED) devices. a, J-V and b, C-V curves of LED devices based on bare FAPbI3 film (control) 

and FAPbI3 film with 3.33 mol% FPEA2PbI4 (3F). 
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Figure A6.23. Measurement of activation energies for ion migration. Temperature dependent 

current-voltage curves of Au/Perovskite (100 μm)/Au lateral devices based on a, bare FAPbI3 

(control) and b, FAPbI3 film with 3.33 mol% FPEA2PbI4 (3F) films. The σT (σ is conductivity) and 

temperature relationship was plotted. Dashed lines indicate linear fitting of the data to calculate the 

activation energy for ion migration (Ea). 
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Appendix B. Supplementary Tables 

 

 

Table B2.1. Surface treatment with organic iodide based salts. Summary of organic iodide 

based salts and their deposition conditions used to surface treat perovskite solar cells.  
 

Concentration 

(relative to I¯) 

Deposition 

condition 

Further 

processing 

Reference 

Octylammonium 

iodide 

15 mM in IPA 5000 rpm 100°C anneal for 

5 min 

3 

Dodecylammonium 

iodide 

15 mM in IPA 5000 rpm 100°C anneal for 

5 min 

3 

Phenethylammonium 

iodide 

15 mM in IPA 5000 rpm Dried in a vacuum 

oven for 24 h 

3 

Imidazolium iodide 35.7 mM in IPA 6000 rpm 70°C for 10 – 15 

min 

4 

Ethylammonium 

iodide 

17.3 mM in IPA 6000 rpm 70°C for 10 – 15 

min 

4 

Guanidinium iodide 26.7 mM in IPA 6000 rpm 70°C for 10 – 15 

min 

4 

Phenylalanine iodide 6 mM in IPA 4000 rpm 100°C anneal for 

10 min 

5 

Octylammonium 

iodide 

11.7 mM in IPA 5000 rpm 100°C anneal for 

5 min 

6 

Butylammonium 

iodide 

11.7 mM in IPA 5000 rpm 100°C anneal for 

5 min 

6 

Phenethylammonium 

iodide 

20 mM in IPA 5000 rpm None 2 

 

 

Table B2.2. Photovoltaic parameters of control and treated devices. Average photovoltaic 

parameters of the control devices and devices treated with different ammonium cations. 

  
VOC  

(V) 

JSC 

(mA cm−2) 

FF PCE 

(%) 

Best PCE 

(%) 

Control 1.077 ± 0.004 24.53 ± 0.08 0.771 ± 0.011 20.36 ± 0.36 20.95 

PEAI 1.103 ± 0.004 24.51 ± 0.07 0.781 ± 0.002 21.10 ± 0.11 21.28 

PEATFA 1.116 ± 0.004 24.49 ± 0.12 0.783 ± 0.003 21.41 ± 0.18 21.57 

PAI 1.111 ± 0.006 24.45 ± 0.09 0.792 ± 0.012 21.50 ± 0.32 21.86 
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PATFA 1.124 ± 0.006 24.52 ± 0.08 0.796 ± 0.016 21.94 ± 0.45 22.72 

OAI 1.106 ± 0.004 24.54 ± 0.14 0.772 ± 0.006 20.95 ± 0.23 21.42 

OATFA 1.129 ± 0.005 24.47 ± 0.13 0.779 ± 0.009 21.51 ± 0.30 21.86 

 

 

 

Table B2.3. Distribution of the device photovoltaic parameters measured in reverse scan for 

different concentrations of PAI. Abbreviations are open-circuit voltage (VOC), short-circuit 

current density (JSC), fill factor (FF), power conversion efficiency (PCE), and stabilized power 

output (SPO). 

 VOC  

(V) 

JSC 

(mA cm−2) 
FF 

PCE 

(%) 

5 mM 1.104 ± 0.005 24.53 ± 0.11 0.783 ± 0.009 21.19 ± 0.26 

15 mM 1.099 ± 0.006 24.42 ± 0.18 0.743 ± 0.010 19.93 ± 0.38 

30 mM 1.095 ± 0.008 23.70 ± 0.19 0.691 ± 0.012 17.92 ± 0.39 

 

 

Table B4.1. Energy levels of the perovskite films. The work function (WF) and (ionization energy 

(IE) – WF) values are based on the UPS measurements. The vacuum level shift (ΔEvac) and valence 

band maximum (VBM) values are calculated based on an aligned Fermi level.  

 

 

 

 

 

 

 

 

 

 

 

Table B4.2. Time-resolved photoluminescence decay parameters of the glass/perovskite/spiro-

MeOTAD films, fitted with a bi-exponential decay model.  

 WF  

(eV) 

IE - WF  

(eV) 

ΔEvac  

(eV) 

Aligned VBM 

(eV) 

Reference 4.74 0.69 - -5.43 

PEA+I- 4.52 0.73 -0.22 -5.47 

BA+I- 4.45 0.79 -0.29 -5.53 

OA+I- 4.37 0.86 -0.37 -5.60 

DA+I- 3.89 0.96 -0.85 -5.70 

OA+Br- 4.43 0.92 -0.31 -5.66 

OA+BF4
- 4.52 0.77 -0.22 -5.51 

OA+TFA- 4.54 0.78 -0.20 -5.52 

OA+TsO- 4.81 0.75 +0.07 -5.49 
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Table B4.3. Energy levels of the FAPbI3 perovskite films. The work function (WF) and (ionization 

energy (IE) – WF) values are based on the UPS measurements. The vacuum level shift (ΔEvac) and 

valence band maximum (VBM) values are calculated based on an aligned Fermi level. 

 

 

 

 

 

 

 

 

 

 

Table B4.4. Comparison of the device degradation at different time periods during the MPP 

stability test. 

 

 

Table B4.5. Activation energy for iodine or bromine migration in a neutral uncharged or negatively 

charged environment calculated from first-principles nudged elastic band (NEB)  simulations. 

 A1  

(%) 

τ1  

(ns) 

A2  

(%) 

τ2  

(ns) 

τave  

(ns) 

Reference 100.0 3.0 0.0 15.2 3.0 

OAI-treated 94.5 7.5 5.5 19.8 8.1 

OABF4-treated 99.1 4.7 0.9 17.4 4.8 

OATsO-treated 99.9 3.5 0.1 17.7 3.5 

 WF  

(eV) 

IE - WF  

(eV) 

ΔEvac  

(eV) 

Aligned VBM 

(eV) 

FAPbI3 4.82 0.83 - -5.65 

OA+I- 4.48 1.02 -0.34 -5.84 

OA+BF4
- 4.60 0.94 -0.22 -5.76 

OA+TsO- 4.87 0.89 +0.05 -5.71 

 PCE drop (%) Degradation rate (%/h) 

 First 100 h Next ~400 h First 100 h Next ~400 h 

OAI-treated device -6.4 -8.9 -0.064 -0.022 

OABF4-treated device -2.9 -5.6 -0.029 -0.014 

OATsO-treated device ~0 ~0 - - 

 Neutral 

(eV) 

Negative  

(eV) 

Difference  

(%) 

Intra-lattice 

I in FAPbI3 

 

0.335 

 

0.205 

 

- 38.7 
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Table B4.6. Surface charge displacement, �̅�, with different species attached to defect-free surfaces.  

 

 

 

 

 

 

 

 
 

Table B5.1. Fitted parameters from the dark current density and voltage (J-V) curves of the MAPbI3 

and Ace0.03MA0.97PbI3 devices showing the extracted shunt (Rsh) and series (Rs) resistances, ideality 

factor (n) and dark current density (J0). 

 Rsh 

(Ω cm2) 

Rs 

(Ω cm2) 

J0 

(mA cm-2) 

n 

MA 1,029,866 5.62 1.81 × 10 -10 1.80 

AceMA 1,334,579 4.78 3.70 × 10-11 1.68 

 

Table B6.1. Extracted k values from the in-situ Grazing Incidence Wide Angle X-ray Scattering and 

X-ray diffraction monitoring of the phase transformation.  

 

in-situ GIWAXS X-ray diffraction 

n = 3 

k 

n = 4 

k 

n = 3 

k 

n = 4 

k 

control  0.5691 6.08  

1P  x − 1.41 x 10-3 6.45 x 10-2  x − 

Br in FAPbBr3 

 

0.634 

 

0.448 

 

- 29.4 

 

Extra-lattice 

I in FAPbI3 

Br in FAPbBr3 

 

3.30 

3.68 

 

2.86 

3.03 

 

- 13.3 

- 17.8 

 �̅� (x10-2 e) 

[OA]+ + 0.57 

[I]- - 1.33  

[Br]- - 1.40 

[TFA]- - 1.97 

[TsO]- - 2.19 
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3P  x − 7.01 x 10-4 5.81 x 10-3  x − 

3F  x − 3.98 x 10-5 3.15 x 10-3  x − 

 

 

Table B6.2. Fitted peak positions and full-width-half-maximums (𝜷𝐭𝐨𝐭𝐚𝐥) of the peaks extracted 

from the X-ray diffraction patterns of δ-FAPbI3 films in Fig. 3a. 

Hexagonal 𝛿-phase 

Bragg 

peak 
R 1P 3P 3F 

(010) 
2θ = 11.694° 

𝛽total = 0.23712° 

2θ = 11.676° 

𝛽total = 0.25205° 

2θ = 11.716° 

𝛽total = 0.29268° 

2θ = 11.698° 

𝛽total = 0.19557° 

(011) 
2θ = 16.214° 

𝛽total = 0.24919° 

2θ = 16.179° 

𝛽total = 0.25475° 

2θ = 16.206° 

𝛽total = 0.26732° 

2θ = 16.185° 

𝛽total = 0.20998° 

(021) 
2θ = 26.187° 

𝛽total = 0.25294° 

2θ = 26.166° 

𝛽total = 0.27365° 

2θ = 26.190° 

𝛽total = 0.31578° 

2θ = 26.180° 

𝛽total = 0.23964° 

(022) 
2θ = 32.805° 

𝛽total = 0.30102° 

2θ = 32.779° 

𝛽total = 0.32214° 

2θ = 32.799° 

𝛽total = 0.37408° 

2θ = 32.783° 

𝛽total = 0.28791° 

(220) 
2θ = 41.587° 

𝛽total = 0.32823° 

2θ = 41.563° 

𝛽total = 0.36589° 

2θ = 41.592° 

𝛽total = 0.42321° 

2θ = 41.588° 

𝛽total = 0.34735° 

 

 

Table B6.3. Fitted parameters for the data in Fig. A6.10a-d. The crystallite size and strain were 

calculated based on the function described in the table. 

𝛿-FAPbI3 phase 

 

Function:  

𝛽total cos θ  = 4휀 sin θ + 
 λ

𝐿
 

 

Crystallite size 

(Å) 

Strain 

(%) 

Slope Intercept R2 value 

R 0.00490 0.00354 0.869 435 0.123 

1P 0.00648 0.00353 0.910 437 0.162 

3P 0.00838 0.00379 0.869 406 0.209 

3F 0.00887 0.00236 0.962 654 0.222 
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Table B6.4. Fitted parameters for the time-resolved photoluminescence decay profiles in Fig. 3j. 

The data were fitted with a bi-exponential decay model. Control: bare FAPbI3, 1P: FAPbI3 with 

1.67 mol% PEA2PbI4, 3P: FAPbI3 with 3.33 mol% PEA2PbI4, and 3F: FAPbI3 with 3.33 mol% 

FPEA2PbI4. 

 
Control 1P 3P 3F 

A
1
 (%) 39.1 38.2 27.8 13.4 

τ
1
 (ns) 2.8 3.0 3.0 3.0 

A
2
 (%) 60.9 61.8 72.2 86.6 

τ
2 

(ns) 32.0 1212.6 1509.1 1862.1 

Average τ
avg

 (ns) 20.6 750.8 1090.7 1613.6 

 

 

 




