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Abstract

Development of Novel Small Scale Mechanical Tests to Assess the Mechanical
Properties of Ex-Service Inconel X-750 CANDU Reactor Components

by
Cameron Boyd Howard
Doctor of Philosophy in Nuclear Engineering
University of California, Berkeley

Professor Peter Hosemann, Chair

Inconel X-750 is a precipitation hardened nickel superalloy designed to have
high strength and creep resistance at elevated temperatures. In Canada
Deuterium Uranium (CANDU) reactors, this material serves as tight fitting fuel
channel annulus spacers in the form of springs separating the cold calandria
tube from the hot pressure tube. Unlike light water reactors (LWRs), CANDU
reactors have an elevated thermal neutron flux spectrum which amplifies nickel
transmutation reactions, producing more radiation damage and increased
amounts of internal hydrogen and helium compared to all other current
generation reactors. Bulk component testing performed over the last few years
indicates that these spacers are losing ductility and strength after time in service,
and that the quantity of this loss is dependent on the irradiation temperature
and dose. In addition, observations of fracture surfaces reveal intergranular
failure and transmission electron microscopy (TEM) shows that helium bubbles
preferentially align along grain boundaries. However, a dearth of knowledge on
the mechanical properties of these components at high dose exists because only
one to three component tests are performed at each irradiation condition inside
hot cells, and these component tests produce complicated stress states, making
the extraction of yield stresses and failure stresses challenging. Thus, two first
of their kind, in-situ, small scale mechanical tests (SSMTs) employing scanning
electron microscopy (SEM) and focused ion beam (FIB) techniques were
developed to test components irradiated to doses of 53, 67, and 81 dpa in CANDU
reactors at average irradiation temperatures of 180 °C and 300 °C. The first, a
lift-out, three-point bend test quantified the yield stresses of the components as
a function of irradiation temperature and dose. Material irradiated at the higher
temperature undergoes significant yield strength increases up to 1 GPa, whereas
this is negligible for material irradiated at the lower temperature (< 310 MPa).
Grain boundary cracking after yielding was observed in specimens irradiated to
67 dpa at 180 °C. The second new SSMT is a push-to-pull, micro-tensile test
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quantifying the yield strengths, failure strengths, and total elongations of the
components as a function of irradiation temperature and dose. For specimens
irradiated to 81 dpa, intergranular failure was directly observed, so failure
stresses quantify grain boundary strengths. Both novel SSMTs also revealed
significant regional differences in mechanical properties between the inner
diameter, center, and outer diameter due to variations in the cold working and
grinding of the component that went undetected in bulk component testing. The
conclusion of this work is a detailed analysis of the degradation of an Inconel X-
750 CANDU component in terms of its quantitative mechanical properties
through the invention of two novel SSMTs. These new testing methods and
analyses are applicable for assessing the mechanical ageing of other reactor core
components.
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caused by overpressurized bubbles in a hardened matrix, adapted from [300]

Figure 86. (a) SEM image of two single grain boundary cracks (red arrows) that
have initiated along a long coherent twin boundary (dotted line). Neither crack
propagates along the entire boundary, but instead both cracks terminate in short
segments in the grain interior (white circles). Fraction of grain boundary types that
(b) initiate cracks and (c) propagate cracks given by the red bars in comparison to
their occurrence in the material (grey bars). Twin boundaries and coincident site
lattice low-X boundaries more easily initiate cracks, but randomly oriented high
angle grain boundaries more easily propagate them in hydrogen charged Inconel
725 [309]

Figure 87. (a) Diagram depicting a brittle, intergranular fracture mechanism
associated with y’ grain boundary coatings. (b) Dark field TEM image of a grain
boundary lined with y’ from a Nimonic PE15 alloy irradiated at 650°C in a fast
neutron fluence to ~30 dpa [310, 311]

Figure 88. Mixed mode fracture surface with flat channel facets from a 15%
cold-worked 316SS flux thimble tube irradiated at temperatures 290-325 °C to 73
dpa and containing 0.07 at% He tested at room temperature [144, 295, 296, 313]

Figure 89. (a) Fracture surface of 18Cr-10Ni-Ti steel after irradiation in BOR-60 at
400-450 °C to 49 dpa tested at room temperature showing both intergranular and
channel facets [314], (b) drawing illustrating the scheme of transgranular channel
fracture via shearing of bridges that link up voids [313]
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Figure 90. Time-temperature-transformation curves for Inconel X-750 [192]. The
red dot indicates the heat treatment performed on the Inconel X-750 coils in this
study.

Figure 91. Relative strain map of an Inconel X-750 coil cross-section

Figure 92. Schematic of the sectioned and polished Inconel X-750 coil and Electron
Backscattered Diffraction (EBSD) areas. These areas are 250 uym x 250 um
squares of the inner edge (IE), center (C), and outer edge (OE) regions of an Inconel
X-750 flat spring. EBSD orientation map grain analysis produces an average
overall grain size of 8.5 £ 2.9 um and indicates grain elongation in the tangential
direction.

Figure 93. Some common precipitates found in Inconel X-750 including n-phase
NizTi and M23Cs carbides (left) and the ordered strengthening nanoprecipitates, y’
(right) [193]

Figure 94. Displacement damage and gas production in the ex-service Inconel
X-750 material used for micro-mechanical testing

Figure 95. Pressure tube temperature profiles and neutron flux profiles
(En > 1 MeV) associated with the Inconel X-750 spacers extracted for micro-
mechanical testing

Figure 96. Sectioning of Inconel X-750 link from a non-irradiated coil

Figure 97. Foil extractions from a representative ex-service spacer. (a) Cross-
section of an Inconel X-750 spring showing FIB milled foils of material taken from
both edge and center regions of the spacer, higher magnification images of the (b)
Center A foil, (c) Center B foil, and (d) Edge foil. The grain boundary revealed along
the top surface by the etching process is highlighted.

Figure 98. 77 dpa, 2.4 at% He Inconel X-750 foils extracted from bulk samples at
CCEM for micro-mechanical testing: (a) pinched and (b) non-pinched

Figure 99. Bulk crush testing of Inconel X-750 annulus spacers. (a) modified MTS
Insight 50 testing apparatus, (b) post-test coil, (c) close-up view of testing rig pre-
test depicting the loading direction

Figure 100. (a) resulting bending beam structures cut into the large lift-out foil
which has already been removed from the bulk spring (b) side view of a finished
three-point bend specimen (c) top view of a completed three-point bend specimen,
(d) and (e) FIB ion channeling contrast images depicting grain boundaries
propagating approximately straight down through the thickness of the specimens,
and (f) bending specimen becomes unconstrained similar to a standard three-point
bend test during loading
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Figure 101. Pre-test Electron Backscattered Diffraction (EBSD) on the top surface
of a representative three-point bend specimen including an Inverse Pole Figure
(IPF) grain orientation map in the tensile stress direction for the outer fiber of the
specimen, hkl orientation of individual grains, misorientation angles across grain
boundaries, grain rotation within each grain measured along a horizontal line
segment left to right from point a to point b, and highest Schmid factor of the
preferred slip system(s) within each grain

Figure 102. (a) push-to-pull testing device schematic depicting how it functions
from Bruker [315], (b) portion of the load-displacement curve of a test post-failure
of a micro-tensile specimen which has been fit to calculate the spring constant of
the push-to-pull device for compliance correction

Figure 103. P2P set-up for lift-out process inside the SEM chamber

Figure 104. Sample preparation processes for micro-tensile push-to-pull specimens.
(a) large lift-out foils mounted on standard 3 mm TEM grid, (b) individual lift-out
foil depicting a selected micro-tensile specimen with a central grain boundary via
FIB ion contrast imaging, (c) micro-tensile specimen sectioned for lift-out and
mounting onto push-to-pull device, (d) top view and (e) side view of finished micro-
tensile specimen

Figure 105. Shift software program user interface for DIC point tracking. (a)
pre-test: Two points are selected at the ends of the gauge length of the specimen,
(b) tracing the points soon after yielding, (c) tracing the points immediately after
fracture, (d) Frame-by-frame analysis of the displacement of each point, which
accounts for stage drift

Figure 106. Resultant displacement damage profile in an Inconel X-750 spring
using an Al degrader wheel predicted by SRIM calculations. An approximately
uniform ~3 dpa region occurs 3-11 um deep, with the exception of two dips at 6
um and 10 um which are consequences of non-uniform differences in foil
thicknesses of the Al degrader wheel.

Figure 107. Resultant helium implantation profile in Inconel X-750 spring using Al
degrader wheel predicted by SRIM calculations. An approximately uniform amount
of He, 1-1.2%, has been implanted in the region 3-12 um deep, with the exception
of two dips at 6 um and 10 um which are consequences of non-uniform differences
in foil thicknesses of the Al degrader wheel.

Figure 108. Schematic of micro-tensile tests milled into the outer edge of non-
irradiated and He implanted Inconel X-750 coils

Figure 109. (a) SEM images of a finished micro tensile specimen, EBSD analysis
of a micro tensile specimen including (b) band contrast identifying grain
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boundaries, (c) Euler angle orientation color, (d) inverse pole figure maps in the x,
Yy, and z directions, (e) hkl orientations in the tensile loading direction of each grain
with misorientation angles across each grain boundary, (f) Schmid factor map
indicating the easiness of slip within each grain

Figure 110. Tungsten gripper for micro-tensile testing

Figure 111. Representative bulk crush testing load-displacement curves of Inconel
X-750 specimens at each irradiation condition

Figure 112. Vickers indentation microhardness values (500 gf) of Inconel X-750
specimens at each irradiation condition with an insert depicting a representative
indent where cracking occurred adjacent to the indent in the 67 dpa material
irradiated at 300 °C. Cracks have developed around the surfaces of indents
performed on material with a dose of 67 dpa.

Figure 113. Non-irradiated outer edge three-point bend specimen 1. A crack is
believed to have developed along the boundaries of the smallest pink grain
indicated by the red arrow after yielding occurred.

Figure 114. Non-irradiated outer edge three-point bend specimen 2.
Figure 115. Non-irradiated outer edge three-point bend specimen 3

Figure 116. Non-irradiated outer edge three-point bend specimen 4. Potential grain
boundary cracks that appeared after the maximum stress value when the beam
abruptly snapped are highlighted by the red arrows.

Figure 117. Non-irradiated outer edge three-point bend specimen 5.

Figure 118. Non-irradiated center three-point bend specimen 1.

Figure 119. Non-irradiated center three-point bend specimen 2.

Figure 120. Single-grained 53 dpa, Tir = 180 °C, three-point bend specimen 1.
Figure 121. Single-grained 53 dpa, Tir = 180 °C, three-point bend specimen 2.
Figure 122. 53 dpa, T = 300 °C, three-point bend specimen 1.

Figure 123. 53 dpa, T = 300 °C, three-point bend specimen 2.

Figure 124. 53 dpa, T = 300 °C, notched, three-point bend specimen 3.

Figure 125. 53 dpa, Tir = 300 °C, notched, three-point bend specimen 4. The layer
of Pt on the post-test image was for the purposes of thinning the sample down for
SEM-STEM investigations.

Figure 126. 67 dpa, Ty = 180 °C three-point bend specimen 1.
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Figure 127. 67 dpa, Tir = 180 °C three-point bend specimen 2. What appear to be
potential grain boundary cracks are highlighted in red.

Figure 128. 67 dpa, Tir = 180 °C three-point bend edge specimen 1. What appear
to be potential grain boundary cracks are highlighted in red.

Figure 129. 67 dpa, Ty = 180 °C three-point bend edge specimen 2.
Figure 130. 67 dpa, Ty = 300 °C three-point bend center specimen 1.
Figure 131. 67 dpa, Ty = 300 °C three-point bend center specimen 2.
Figure 132. 67 dpa, Ty = 300 °C three-point bend edge specimen 1.
Figure 133. 67 dpa, Ty = 300 °C three-point bend edge specimen 2.

Figure 134. Representative flexural stress-strain curves calculated for the midpoint
at the outer fiber of the (a) center and (b) edge specimens according to three-point
bend theory for each irradiation condition. Loading curves plotted in terms of the
critical resolved shear stress (CRSS) calculated from the matrix orientation at the
highest stress point can be seen for the center specimens in (c) and edge specimens
in (d).

Figure 135. Non-irradiated outer edge micro-tensile specimen 1 containing a high
angle grain boundary (44° misorientation angle)

Figure 136. Non-irradiated outer edge micro-tensile specimen 2 containing a twin
boundary

Figure 137. Non-irradiated center micro-tensile specimen 1 containing a high angle
grain boundary (40° misorientation angle)

Figure 138. Non-irradiated center micro-tensile specimen 2 containing an upper
twin boundary and a lower high angle grain boundary

Figure 139. Non-irradiated inner edge micro-tensile specimen 1 containing a twin
boundary

Figure 140. Non-irradiated inner edge micro-tensile specimen 2 containing a twin
boundary

Figure 14 1. Single-grained non-irradiated inner edge micro-tensile specimen 3
Figure 142. Single-grained non-irradiated inner edge micro-tensile specimen 4

Figure 143. Non-irradiated inner edge micro-tensile specimen 5 containing a twin
boundary

Figure 144. Non-irradiated inner edge micro-tensile specimen 6 containing a high
angle grain boundary (misorientation angle ~39°)
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Figure 145. Non-irradiated inner edge micro-tensile specimen 7 containing a high
angle grain boundary (misorientation angle ~23°)

Figure 146. 67 dpa low temperature edge micro-tensile specimen 1 containing a
high angle grain boundary (misorientation angle ~51°)

Figure 147. 67 dpa low temperature edge micro-tensile specimen 2 containing a
high angle grain boundary (misorientation angle ~54°)

Figure 148. 67 dpa low temperature edge micro-tensile specimen 3 containing a
high angle grain boundary (misorientation angle ~54°)

Figure 149. Single-grained 67 dpa low temperature edge micro-tensile specimen 4
Figure 150. Single-grained 67 dpa low temperature center micro-tensile specimen

Figure 151. 67 dpa high temperature edge micro-tensile specimen 1 with a high
angle grain boundary (28° misorientation angle)

Figure 152. Single-grained 67 dpa high temperature edge micro-tensile specimen 2

Figure 153. 67 dpa high temperature center micro-tensile specimen 1 containing a
twin boundary

Figure 154. Single-grained 67 dpa high temperature center micro-tensile
specimen 2

Figure 155. 81 dpa low temperature center micro-tensile specimen
Figure 156. Single-grained 81 dpa high temperature center micro-tensile specimen

Figure 157. 81 dpa high temperature center micro-tensile specimen with a high
angle grain boundary (~55° misorientation angle)

Figure 158. Engineering stress-strain curves of all micro-tensile, push-to-pull,
Inconel X-750 specimens

Figure 159. 200 nm Berkovich indents hardness profile performed on the cross-
section of a non-irradiated Inconel X-750 component

Figure 160. 200 nm Berkovich indents elastic modulus profile performed on the
cross-section of a non-irradiated Inconel X-750 component

Figure 161. (a) SEM images of two rows of indents at different depths from the
surface. (b) profile of the elastic modulus of Inconel X-750 as a function of distance
from the irradiated surface (c) hardness profile of the helium implanted Inconel X-
750 as a function of distance from the surface

Figure 162. Non-irradiated micro-tensile specimen 1 that fractured in its twin
boundary



Figure 163. Non-irradiated micro-tensile specimen 2 that fractured within a high
angle grain boundary

Figure 164. He implanted micro-tensile specimen 1 that fractured transgranularly
through its nanotwin

Figure 165. He implanted micro-tensile specimen 2 that fractured transgranularly
in its upper grain

Figure 166. He implanted micro-tensile specimen 3 that fractured along a high
angle grain boundary

Figure 167. He implanted micro-tensile specimen 4 that fractured within the grain
interior

Figure 168. FEM mesh modelling of the (a) normal stresses along the beam axis
(tensile and compressive), (b) Von Mises stresses, and (c) plastic strain at the yield
point for a standard three-point bend test and a fully constrained SSMT three-point
bend test

Figure 169. Graphical representation of an Inconel X-750 spacer with mechanical
properties measured by push-to-pull micro-tensile testing summarized in each
region: outer edge, center, and inner edge. Bar graphs depicting the failure
strength, yield strength, critical resolved shear stress (CRSS) calculated from the
highest Schmid factor of the grain interior where the first observable slip step
appeared, and the total elongation of the specimens are provided on the right hand
side.

Figure 170. Critical resolved shear stress (CRSS) values calculated from micro-
tensile specimens

Figure 171. 0.2% offset yield strengths of push-to-pull micro-tensile specimens
Figure 172. Failure strengths of push-to-pull micro-tensile specimens
Figure 173. Total elongations of push-to-pull micro-tensile specimens

Figure 174. Hypothetical plot proposed by Griffiths [197, 228] depicting the
mechanical properties of precipitation-hardened, irradiated Ni-based superalloys
as a function of dose. All push-to-pull micro-tensile specimens either yield and fail
within their grain interiors or yield first and then fail within a grain boundary,
meaning the critical dose highlighted by the red arrow is > 81 dpa for Inconel X-
750 if this concept holds true.

Figure 175. Grain boundary strengths of Inconel X-750 measured by micro-tensile
testing
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Figure 176. Resolved normal stress on high angle grain boundaries at the time of
failure in push-to-pull micro-tensile specimens

Figure 177. Testing challenges during the development of in-situ, push-to-pull,
micro-tensile testing. Specimens became pre-deformed prior to testing during
calibration and alignment processes (left). The port positions of the Pt GIS needle
and nanomanipulators do not allow for much flexibility within the SEM/FIB
chamber. The Pt needle is shown blocking the P2P testing site (right).

Figure 178. Helium bubble size and density distribution for Inconel X-750
irradiated to 53 dpa (1.8 at% He) at 120-280 °C and 300 °C [227]

Figure 179. Proposed testing geometries for future in-situ, push-to-pull micro-
tensile testing

Figure 180. A newly proposed lift-out micro-tensile test for highly activated nuclear
material
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1 Motivation
1.1 The Need for Current and Future Clean Nuclear Energy

Although the political climate and public appeal of nuclear energy remains
unstable, due in part to the recent accident in Fukushima, clean nuclear power
has prevented 1.84 million air pollution related deaths and 64 gigatonnes (Gt) of
CO2 greenhouse gas emissions that otherwise would have resulted when burning
fossil fuels. Predictions indicate that it could prevent an additional 420k-7.04
million deaths and 80-240 Gt of CO2 emissions by 2050 [1]. All other non-carbon
energy sources including photovoltaics (PV), biomass, hydroelectricity, wind, and
solar thermal combined still experience challenges in meeting the total world
energy requirements, most importantly due to the intermittent nature with
which they produce their energy [2]. Nuclear power is unique in that it produces
a large, stable baseline quantity of energy that can compete with fossil fuels.
Energy demands predict an amount of baseline power > 100 EJ (101° Joules) is
needed by 2050 in order to combat greenhouse gas emissions [3, 4]. Fossil fuel
production could be dramatically reduced this century (down to 9.4%) if nuclear
fission renewables were to account for slightly more than half of the total world
supply of energy (52%), and all other aforementioned renewables combined
(38.6%) [5].

Nuclear power is the most effective instrument for effective climate change
mitigation. The principal limitations on increasing total nuclear energy output
revolve around societal acceptance, public anxiety, and fiscal and political
inertia.

Sustaining and increasing clean nuclear power can be done in two ways: building
new reactors or performing reactor lifetime extension programs. Both are vital
and equally important for obtaining healthy energy futures, and both involve
understanding radiation damage effects on materials at much higher doses and
more extreme environments than have ever been experienced in order to allow
for safe operations. However, building new reactors incurs a capital cost of
approximately $2 billion in addition to new licensing costs for all next generation
designs, whereas reactor lifetime extension programs employ and adapt existing
research and development programs already needed to ensure safe operations.

Currently operating generation Il and generation IIl reactor materials function at
temperatures between 100 °C and 350 °C and experience radiation damages
between 0 and 90 displacements per atom (dpa)!. Nuclear power plants in
commercial operation are predominantly pressurized water reactors (PWRs),
which comprise 65% of the global nuclear fleet. These reactors in combination

1 Displacements per atom (dpa) as a unit of radiation damage is discussed in detail in Section 3.3



with boiling water reactors (BWRs) comprise the class of light water reactors
(LWRs) that use normal water as both a coolant and neutron moderator. Other
reactors that provide energy via thermal neutron fissions, instead moderated by
graphite, that also require enriched uranium oxide fuel include light water
graphite reactors (RBMK and EGP) and gas-cooled reactors (AGR). Canadian
deuterium uranium reactors (CANDUs) fall into a subset of pressurized heavy
water reactors (PHWRs) that use heavy water coolant, D20, as opposed to H2O
in LWR designs, as both a moderator and coolant. The increased efficiency of
heavy water as a neutron moderator allows for the use of natural uranium fuel
forms. CANDU-type reactors make up approximately 11% of the global fleet and
provide 60% of the energy of the province of Ontario in Canada where they
originated.

If the lifetimes of these reactors are to be extended, performing research and
development on nuclear materials in the high dose regime, 50-100+ dpa, where
there is currently a dearth of knowledge and limited amount of material
irradiated to these doses, is a must. Material irradiated to these high doses in
conventional power reactors would be most valuable because it has the same
radiation damage dose rate and neutron flux, unlike accelerated tests conducted
in liquid metal fast research reactors that had damage rates an order of
magnitude higher.

Next generation fission and fusion reactor concepts require materials to operate
at higher temperatures between 300 °C and 1000 °C, sometimes to doses that
exceed 200 dpa. In the case of the Traveling Wave Reactor (TWR) doses are
expected to react 600 dpa. Figure 1 produced in [8] maps out the temperature
and dose requirements for all 8 proposed generation IV advanced reactor
concepts.
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Figure 1. The temperature and dose range requirements for in-core structural
materials that will operate in each of the 8 next generation reactor design
concepts [8].



According to Nuclear Energy Institute World Statistics, as of last year, 60 new
generation III/III+ light water plants are in construction in 15 countries. It is
promising that the majority of these reactors are being built in nations with the
highest and largest growing energy needs, and in places which currently emit
some of the highest gross CO: emissions and/or the highest per capita CO-
emissions. China leads the way with plans to build 19 new reactors, India second
with 6 new plants, Russia with 5, and the United Arab Emirates with 4. By no
means will the construction of only these 60 new power reactors solve the clean
energy crisis, but hopefully it is the first step in the right direction, and with safe
operations, gained experience, and an improved social and political climate,
more plants will follow.

To supplement the design and construction of new current and next generation
reactors, reactor lifetime extension is needed because simply put, the current
fleet of nuclear reactors are getting old. 30 nations operate 449 nuclear power
reactors, and this global fleet has an average age of 29.3 years old as of 2016,
with the oldest being 47 years old [6]. Most, if not all, of these reactors are
commissioned for a 40-50 year lifetime. The first generation of power reactors
have already gone offline and began their decommissioning processes. This
reveals itself in the fact that in 2000, the amount of global energy produced by
nuclear power was 18%, and has since decreased to 10.9% [7]. New reactors
cannot be built fast enough to replace the old ones. In order to curb this trend
of decreasing nuclear energy, the current fleet of reactors must safely operate for
a total lifetime of 80-100+ years.

1.2 CANDU Life Management Surveillance Programs

Nuclear power station operators of Canadian Deuterium Uranium (CANDU)
reactors periodically remove pre-selected, activated material from in-service
structures, systems, and components (SSCs) considered to be critical to the
reactors operation but replaceable as part of their routine surveillance and
inspection programs. Among this class of critical but replaceable SSCs are the
fuel channels, consisting of high temperature Zircalloy pressure tubes (Zr-
2.5%Nb), cool Zircalloy-2 calandria tubes, and Inconel X-750 internal spacers
that maintain an insulating gap filled with CO2 gas between the two tubes. These
Inconel X-750 garter spring components prevent contact between the two tubes
that would otherwise generate a large heat sink and compromise the
thermodynamic integrity of the reactor, in addition to causing eventual hydride
blistering and rupturing of the pressure tube that could ultimately result in
failure and a local loss of coolant accident (LOCA). A depiction of a CANDU fuel
channel can be seen in Figure 2.
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Figure 2. CANDU fuel channel with Inconel X-750 spacer coil highlighted [9]

Upon removal of a fuel channel in 2010, it was found that the Inconel X-750
spacer had become embrittled following irradiation. Although spacers were never
found to have failed in-service, upon handling for inspections inside of hot cells
for post irradiation examination experiments, they abruptly fractured as seen in
Figure 3. Therefore, a new spacer research and development program was
launched in order to investigate the primary degradation mechanisms and
ensure to the Canadian Nuclear Regulatory Commission (CNSC) that the
component remains fit for service, meaning that it can safely maintain its load
bearing capacity, as part of the industry’s ongoing plant life management plan.
The SSMT work in this thesis is part of the R&D work for the spacer program.
Inconel X-750 spacers are expected to remain in service for 25-30 years, when a
scheduled refurbishment outage will occur and all aged SSCs undergo a
thorough assessment and upgrades, whether that means replacing components,
overhauling systems, reclassifying system boundaries, and/or updating plant
codes. This includes fuel channel replacement. This refurbishment period also
provides the insight, research, and planning needed in order to apply for reactor
lifetime extension, usually an additional 25-30 years of service operating with
the new refurbished components.



Figure 3. Inconel X-750 spacer (a) before service and (b) ex-service view while
handling for post-irradiation examinations inside the hot cell [226]

1.3 Relevance to Reactor Lifetime Extension Programs

In addition to the necessity to investigate the degradation mechanisms of Inconel
X-750 ex-service components as part of the Canadian nuclear industry’s spacer
program to ensure safe function of CANDU reactors, these components have a
unique relevance to general reactor lifetime extension programs. Unlike typical
light water reactor (LWR) active components whose damage microstructures
saturate at low doses, typically less than or equal to 10 displacements per atom,
the microstructure of Inconel X-750 garter springs continually evolves with dose.
Nickel transmutation reactions occurring in the high thermal flux environment
of the CANDU reactor produce enhanced radiation damage and unprecedented
amounts of internal helium and hydrogen in the material, as high as a few atomic
percent He. The microstructure and mechanical properties of the material
investigated in this study irradiated in a power reactor to 53, 67, and 80 dpa
with 1.6-2.4 at% He has not been mechanically tested before using conventional
means or SSMTs, and with such high dose and He content could serve as a
model material for end of life conditions experienced after reactor lifetime
extensions. In many cases, the displacement damages and He contents in ex-
service Inconel X-750 components will greatly exceed those achieved by core
components in LWRs, even after 80-100 years of service. Therefore, they will
provide valuable insights into potential core component material degradation
mechanisms only achieved after lengthy service times and can be used in
predictive models that would comprise part of a future license renewal
application. In addition, they can provide a look ahead into what may be in store
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for those reactors that have already been granted license renewals and are even
looking forward to a second lifetime extension phase.

1.4 The Need for SSMTs

Bulk component mechanical properties measurements for the ex-service coiled
components pictured in Figure 3 are practically impossible to measure by
common standardized testing methods due to their complex geometries and non-
conventional sizes. The high activity components are only 0.7-0.8 mm in
thickness, so the R&D spacer program had to develop a non-conventional and
non-standardized first-of-its kind bulk component “crush test” for use inside of
the Fuel and Material Cells (FMC) at Canadian Nuclear Laboratories (CNL) in
order to estimate the load-bearing capabilities of the high dose components. This
test design which will be further explained in a subsequent section within the
experimental chapter required large sections of material, approximately 20 coils,
so there was only sufficient material to perform one or two tests for each
component from each irradiation temperature and dose. Due to high dose rates
that would be received by a worker handling even this smaller section of the
component, all work is constrained to take place within hot cell facilities. A dose
rate estimate for a section of component used for one bulk crush test is shown
in Figure 4.

10 mg -> 0.25 R/h at 30 cm

w=0.8 mm

t=0.8 mm

Coil: [ ) r=25mm

3
Vecoil = 8.45 mm

~21 Coils/Section of Interest
3
plnconel X-750 = 8.28 g[cm

||» 34,240 mrem/h

Figure 4. Dose rate estimate for a full length, load-bearing portion of an Inconel
X-750 component. The material produces an approximate dose rate of ~37 R/h
for a radiation worker working 30 cm away from the material.

The University of California Berkeley Radiation Safety manual’s administrative
guidelines set by the Radiation Safety Committee (RSC) limit a radiation worker
to 5000 mrem/yr of dose to the skin and extremities. Even if safe work practices
were to be performed during bulk component testing outside of the hot cells,
annual dose limits would be reached in less than 9 minutes. Obviously, sample
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volumes must be reduced in order to work on this material in a safe allowable
manner and abide by the As Low As Reasonably Achievable (ALARA) policy. The
SSMTs performed in this study use maximum sample volumes of ~500 pum?3 and
a maximum of 4 specimens were handled on their sample grid at one time. Even
if a worker were to remain within 30 cm of the sample grid for an entire year,
he/she would only receive 3.6 mrem of dose.

Besides the immense benefits from sample volume reduction with regards to
performing work outside of the hot cells and reducing the cost, time, and space
needed for sample manufacturing and testing, SSMT provides the added benefit
of obtaining common metallurgical stress parameters such as yield strength,
failure strength, and total elongation to be obtained via direct observation and
straightforward calculations from sample measurements. Simpler testing stress
states than those of bulk crush testing can be employed so that analytical
formulations can be used. In addition, a plethora of specimens can be
manufactured from each extracted component and through systematic studies
which take into account their microstructures, enhanced statistics can be
obtained from multiple tests on the same component. Performing testing in-situ
inside of the SEM chamber allows for real time observations of deformation
mechanisms, and SSMT methods development. The novel in-situ tests invented
and implemented here are the first attempted on active nuclear components with
a complex geometry.

1.5 Research Goals
1.5.1 Research Question

Can the novel SSMT techniques implemented on an active, ex-service Inconel X-
750 component provide quantitative measurements of its mechanical properties
that will provide insight into its degradation mechanisms for the nuclear
industry?

1.5.2 Research Plan

e Obtain baseline mechanical properties characterization of non-irradiated
Inconel X-750 components via novel SSMTs

e Develop a method of best extracting component material from bulk
specimens by creating a working infrastructure between Canadian
Nuclear Laboratories (CNL), the Nuclear Science User Facilities (NSUF)
program in the United States, and the University of California Berkeley
nuclear materials group

e Assess deformation initiation mechanisms and quantify yield strengths
and yield strength differences for high dose components operating in-
service at 180 °C and 300 °C



e Assess failure mechanisms, failure strengths and ductility of the high
dose components at their two operating temperatures
e Perform methods development of novel SSMTs

1.5.3 Hypothesis

A novel, in-situ, SEM, lift-out, three-point bending test can quantify relative yield
strength differences between non-irradiated components, active low
temperature-high dose components, and active high temperature-high dose
components, but it is limited in assessing absolute mechanical properties and
quantifying plastic deformation, although it is able to allude to failure
mechanisms. A novel, in-situ, SEM, lift-out, push-to-pull, micro-tensile test can
quantify yield and failure strengths of active components, their relative
differences due to irradiation conditions, and provide insight into ductility. This
newest SSMT directly elucidates information on both potential deformation
initiation mechanisms and failure mechanisms, and it has the most room for
growth, adaptation, and expansion in the nuclear materials community.

2. Background: A Review of Small Scale Mechanical Testing (SSMT) Applied to Nuclear Materials
2.1 Introduction

Efforts to reduce sample sizes for testing irradiated materials below those
required for American Society for Testing and Materials (ASTM) standardized
testing extend back approximately four decades. The use of non-bulk or
miniaturized test pieces is certainly not new. The limited amount of nuclear
material extracted from operating power reactors only allows for one to two
standard scale or component sized mechanical tests, providing a rather poor
statistical confidence of mechanical properties. With the limited number of
materials test reactors worldwide, space is limited for materials testing programs
and adaptations of test specimen sizes resulted. Small scale test specimens
inserted into test reactors are also necessary in order to avoid unwanted neutron
flux variations and minimize the effects of gamma heating. Reduced sized
specimens decrease dose to radiation workers and allow core components which
were previously too active to handle to be investigated in post-irradiation testing.
Safer activity levels associated with smaller active nuclear material allows it to
be removed from the hot cells and analyzed via x-ray diffraction (XRD), scanning
electron microscopy (SEM), electron backscattered diffraction (EBSD), electron
dispersive spectroscopy (EDS), and transmission electron microscopy (TEM) in
order to couple microstructural effects of radiation damage with the way
radiation damage changes the mechanical properties and failure mechanisms of
the material. Ultimately, the extraction of a minimal amount of active material
for small scale tests with a minimally invasive approach can more thoroughly
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characterize in-service components and reduce time, space, and cost. Coupled
with non-destructive examinations, small scale testing performs localized
assessments for component monitoring and material degradation projections.

With the advent and commercialization of the focused ion beam (FIB) and
dual beam (SEM and FIB combined) capabilities of the 1990s, micro-sized
specimens from nuclear material could be fabricated such that radiation effects
on specific regions of interest like microstructural gradients, specific grain
orientations, phase boundaries, grain boundaries, and new radiation induced
phases could be investigated. Grain boundary strengths and interface strengths
can be extracted via micro-machined samples. Fundamental defect-dislocation
and defect-boundary/interface interaction studies are now possible. Irradiated
components with complex geometries that do not lend themselves to
standardized testing can now be fabricated to make specimens tested under
uniaxial stress states. In-situ testing inside of the dual beam chamber at high
vacuum allows for real time observations of deformation mechanisms to be
observed and recorded. Size effect studies on irradiated materials tested at the
micro-scale, millimeter scale, and bulk scale allow for correlations between
mechanical properties to be made. With a plethora of specimens manufactured
from the same component and tested in a systematic way which accounts for the
microstructure of each specimen, enhanced statistics can be obtained from
multiple tests on the same component. Common metallurgical stress parameters
such as yield strengths and failure strengths can be obtained via direct
observation and straightforward calculations from sample measurements due to
these simpler stress states from which formulations have been analytically
derived. New candidate alloys proposed for fusion reactor programs and next
generation/generation four nuclear fission concepts can be ion irradiated with
beam spot sizes of a maximum size ~1 cm? and penetration depths on the order
of microns, and small scale specimens can be fabricated from the irradiated
regions and tested. Mechanical properties can be profiled over varying ion dose
and implantation regimes. This data can then be used to help improve ion beam
conditions to better simulate neutron radiation damage. Candidate fusion
material irradiated in a neutron spallation source can be evaluated in a similar
fashion.

This background chapter covers a broad range of small scale mechanical testing
techniques. It begins with more rudimentary techniques including small shear
punch tests/miniaturized disk bend tests [10-12, 14-16, 18-20, 27, 29, 30],
miniaturized Charpy tests [38-44, 46, 47, 48], microhardness tests [54], and
nanoindentation tests [62, 78, 79, 81, 88-90, 93, 95]; progresses to micro-pillar
compression [116, 124, 134], micro-tensile testing [141-144], micro-bending
[150-152] (cantilevers, three-point bend specimens and fatigue specimens),
including the most recent, novel, in-situ, lift-out small scale mechanical tests:
three-point bending and push-to-pull micro-tensile testing work, performed on
material relevant to the Canadian Nuclear Industry. It will also touch on in-situ
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mechanical testing techniques at the smallest scale performed within the
transmission electron microscope (TEM) meant for observing dislocation motions
and interactions and understanding deformation primarily from a mechanistic
viewpoint.

2.2 Small Shear Punch Tests (SPT)/Miniaturized Disk Bend Test (MDBT)

One of the earliest small scale mechanical tests developed for use on nuclear
materials is the small shear punch test (SPT), otherwise known as the
miniaturized disk bend test (MDBT). This test originally introduced by Manahan
et al. in [10] proved convenient because the disks are the same diameter and
thickness (d = 3 mm, t = 250 pum) as standard disks prepared for Transmission
Electron Microscopy (TEM). Simple, already established sample preparation
techniques used for the TEM disks can be used. Cut the sample down to a
thickness of 300-500 pm with a high speed diamond saw blade, thin it down to
250 pm using established mechanical grinding and polishing techniques, and
use a commercially available disc punch system or ultrasonic disc cutter, and
the samples are ready to test. In the test, the disc is simply supported in a
cylindrical die and pressed into a cavity as shown in Figure 5a. Environmental
controls ensure proper alignment and minimize drift as seen in Figure Sb, and
with the introduction of an induction heating coil, specimens can be tested at
elevated operating temperatures.
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Figure 5. Schematic of miniaturized disk bend test (MDBT) taken from [10]. The
irradiated specimen is housed in a cylindrical die and pressed into a cavity as
seen in (a). This set up is under an enclosed environment with temperature
control as seen in (b). Performing tests at elevated temperature is also an option
using an induction heating coil as seen in (c).

The test can be performed in one of two ways: constant displacement rate or
constant load. The load versus time is recorded from the load cell and the
deflection is measured using the axial extensometer outside of the environmental
chamber seen in Figure Sb in order to generate load versus displacement curves
of the type shown in Figure 6.
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Load (i)

Figure 6. Representative shear punch test load-displacement curves for
austenitic 12Cr-1Mo steel taken from [11]

As shown in Figure 2 and further described in [11] and [12], the load-
displacement curves can be divided into four regimes: (I) elastic bending
deformation, (II) plastic bending deformation, (III) membrane stretching, and (IV)
plastic instability leading to failure. Regimes (III) and (IV) associated with necking
and severe plastic deformation normally only occur during high temperature
testing, especially for embrittled post-irradiated metals.

Shear punch/MDBT tests generate a biaxial stress/strain response. For the
elastic deformation occurring in regime (I), the following analytical expressions
developed by Roarke and Young in [13] for the deflection at the center of the disk,
w, and peak stress, or, at the outer fiber in the radial and hoop directions can
be applied:

__ pa®(3+v)
- 167D (1+v) (1)

2mt2

0, = 0g = 3 [(1+v)In (ri+ 1)] (2)

where p is the applied load, a the disk radius, r, the radius of the punch-disk
contact area, D the plate constant given by equation (3)
Et3
b= 12(1-v2) (3)
and v the Poisson ratio of the material. From equation (1), assuming the disk is

spherical, the strain during elastic deformation can be expressed as follows:
tw

E= (4)

aZ+w?

where tis the thickness of the disk and all other variables are listed above. More
commonly, the shear stress, 1, is plotted against the normalized displacement,
0, which are given by the following expressions:

= O
5= (6)
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with d.being the displacement of the punch.

Once the deformation escalates beyond the elastic regime, deriving analytical
expressions to calculate stress and strain becomes complex. Some approaches
to do this can be found in [14-17]. An approach to take into account regime (III),
membrane stretching, can be found in [18]. Alternative methodologies for
determining the plastic stress-strain behavior of shear punch tests involve finite
element analysis modelling (FEM) first suggested by [10] and later expanded by
[19] and [20]. After extensive testing on a plethora of alloy systems, linear
correlations between uniaxial bulk tensile yield strengths, oy, and SPT shear
yield strengths, ty, and uniaxial bulk tensile engineering strain to failure, ¢, and
normalized displacement of the SPT, 6, were determined [17, 19-26]. An early
example of these correlations on multiple metals and alloys from [17] can be seen
in Figure 7.
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Figure 7. Plotted linear correlations between uniaxial yield stress and total
elongation and shear punch test effective yield stress and total elongation [17]

Due to inexact knowledge of the stress state within the disk during the punching
operation and no standard procedures for determining the yield point of a SPT
test along with inherent material differences, there exists noticeable variations
in the reported yield stress correlations. The ratio of the uniaxial to shear stress
in the Von Mises yield criterion (critical distortional energy) for a state of pure
shear, oy/ty = V3 =~ 1.73 can be considered an estimate for the empirical ratio.
The Tresca yield criterion (critical shear stress) suggests the ratio oy/ty = 2.
However, SPT tests do not create a state of perfect pure shear. Experimental data
on individual alloy sets in [27] shows that the ratios are somewhat different as
shown in Table 1, noting a broad range of values between 1.7 and 2.9.
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Table 1: Ratio of Yield Strength to Shear Strength for Alloys with
Indicated Base Element

Base Alloy oy/ty
Element
Fe (FCC) 1.7
\Y% 2.8
Al 2.6

When all data points are combined and plotted as one family of fcc alloys, a ratio
of 2 is reported in [27]. FEA modelling performed in [19] determines the ratio
oy/ty = 1.77.

In addition to yield stress correlations, ductility correlations involving total
elongations and strain hardening exponents were also developed. Assuming the
definition of power law strain hardening (PLSH) exemplified in equation (7) for
the portions of the stress-strain curves between the yield point and failure point
and a 0.2% offset from linear elasticity for the yield point, equations were
developed for ratios between ultimate stresses and yield stresses in equations (8)
and (9).
o=Ke," (7)

_No_\ngs — SUTS
(0.002) T ooy (8)

o™ ="2 (9

0.002 Ty

where ours is the ultimate tensile stress, oy is the yield stress, K is a strength
index, &, is plastic strain, ns is the strain exponent of the tensile specimen, n; is
the strain exponent of the shear punch specimen, 7,75 is the shear punch
maximum stress, and 7, is the shear punch yield stress. Using the calculated
strain hardening exponents n, and n,;, the true uniform elongation of the tensile
test euw-true, and the measured strain hardening exponent of the tensile test, n,
ductility correlations were determined in [24], the most useful being eutrue/1: SO
that a uniform elongation can be estimated from the SPT. This ratio €u-true/ n: was
found to lie between 2.1 and 2.8 depending on the selected alloy system, but
when all alloys are included &utrue/n: = 2.26-2.35, and the authors suggest that
a single linear correlation may be able to be applied for a variety of materials,

heat treatments, and irradiation-induced microstructures based on [24] and
[28].

The original, primary application of the SPT test was to pre-fabricate disks from
new candidate alloys manufactured for proposed fusion reactor programs that
were placed into small capsules and inserted in test reactors for irradiations
where space for these capsules was extremely limited such that full tensile
specimens could not be inserted. The advantages of SPT/MDBT are that the
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sample preparation is quick and easy, requiring only a standard metallography
grinding and polishing lab and a TEM disc punch. Testing can be performed by
adapting a bulk scale Instron or similar type load cell in a relatively simple way.
Reasonable correlation ratios were developed in order to estimate yield stress,
strain hardening, and uniform elongation of candidate materials and track
ductility loss in ex-service steels due to tempering and irradiation embrittlement
[11, 12, 29]. The sample sizes are large enough to represent bulk material
behavior at the millimeter scale because they contain a sufficient amount of all
microstructural elements considered to be strength determining features.

However, the biaxial stress state that occurs during shear punch tests makes
the determination of the mechanical properties of the discs a rather complicated
matter. Improvements have been made to the test set up in [30] to reduce the
compliance of the test fixture and help generate more accurate yield points that
can be measured by applying 0.2% offsets and more representative loading
curves with some deformation details, but a full fundamental understanding of
the stress state on the disc is lacking. In addition, no direct links can be made
between deformation mechanisms and mechanical properties. The sample
volumes of the shear punch discs most likely require all work to maintain inside
of the hot cell for highly active ex-service components which is time, space, and
cost expensive.

2.3 Miniaturized Charpy Subsize Fracture Tests

Subsize fracture specimens in the form of Charpy-V-Notch (CVN) specimens are
meant to track the shift in ductile to brittle transition temperature (DBTT) in
reactor pressure vessel (RPV) low-alloy ferritic steels as a function of in-service
time and dose. A secondary application involves placing non-irradiated,
candidate structural materials for fusion reactors in the form of mini CVN
specimens into irradiation facilities where in core space is at a premium and
sample sizes must be kept small. A photograph of a representative subsize CVN
specimen next to an ASTM CVN specimen can be seen in Figure 8 taken from
[17].

Figure 8. Representative subsize CVN specimen (center) with dimensions 3.33
mm x 3.33 mm x 16.7 mm in comparison to a standard CVN specimen (bottom)
with dimensions 10 mm x 10 mm x 55 mm [17]
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Even when the concept of subsize fracture tests was conceived by Myers et al. in
[31], there existed an understanding that the specimens would not yield direct
engineering data, but instead could serve as a more fundamental study to
monitor differences caused by radiation effects and new insights on basic
fracture at an unexplored length scale. It was quickly discovered that
miniaturization of CVN specimens causes a decrease in Upper Shelf Energy
(USE) as well as a reduction of DBTT compared to standard sized CVN specimens
[32-37]. This is exemplified here in Figure 9 taken from [36] where a
9Cr-2W-0.1C ferritic steel was Charpy impact tested.
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Figure 9. The absorbed energy as a function of test temperature for full sized
ASTM (10 mm x 10 mm x 50 mm) CVN specimens compared against half-sized
and one-third sized CVN specimens for a 9Cr-2W-0. 1C ferritic steel [36]

Subsequent research introduced empirical and geometric normalization factors
in order to correlate mini CVN specimen testing with standardized testing.
Because the sub-sized testing was not standardized, various correlations
resulted for correlating both USE and DBTT.

For USE, the European methodology [38-42] was simple: perform a large number
of tests and determine one empirical ratio USErui-size/ USEsubsize = C, where C is a
constant. The methodology in North America and Japan consisted of taking
ratios of physical geometric parameters in order to determine the most suitable

normalization factor (NF) as shown in equation (10).
USE fyii size _ f(geometric parameters) ey size NF (1 0)

USE subsize f(geometric parameters)s,psize

In order to assist with the explanations of the various geometric normalization
factors investigated, Figure 10 depicts the specimen dimensions of any CVN test,
where L is the span length, R the notch radius, 6 the notch opening angle, Wthe
specimen height, B the width of the ligament below the notch, and b the depth
of the ligament below the notch, and a the notch depth.
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Figure 10. CVN test specimen dimensions

The first geometrical parameter was the ratio of the fracture areas of the two
specimens proposed in [32] and [35], equal to Bb. Then, ratios were developed
based on the nominal fracture volumes of the two specimens: Bb?in [37, 43] and
(Bb)!-5 in [32, 35]. Louden adjusted the ratio based on fracture volumes to also
take into account specimen dimensions, and produced a new geometrical
parameter Bb?/LK; in [44], where K: is an elastic stress concentration factor
described in [45]. Next, Kayano in [46] proposed two new geometrical parameters,
GP; = Bb?/QK: and GP2 = (Bb)!->/ QK; that also took into account the notch angle
6 of the specimens via a plastic stress concentration factor Q expressed in
equation (I11), where the notch angle 0 is expressed in radians.

Q=1+=2 (11)

However, because Q is a plastic stress concentration factor based on slip-line
field theory that assumes perfect elastic-plastic behavior and neglects work
hardening, it will obviously not hold completely true for most materials. Slip-line
field theory also requires fracture at the load where yielding occurs, which only
happens at one temperature for any material during Charpy CVN testing.

Specimen size effects on the DBTT can be explained as follows. As test
temperature increases, the initiation of plasticity is aided and yielding occurs at
lower stress. This can be expressed as an Arrhenius relationship in equation
(12), where A and c are constants and T is temperature.

o, = Ae/T  (12)
Weibull statistics have found that the brittle fracture stress of a specimen is
determined by the value of the local stress at its weakest location where a critical
structural defect sits. Thus, there exists a dependence on the volume of the
specimen and a probability for sampling a specimen with a size sufficient enough
to contain this weakest link. Decreasing specimen size increases scatter. The
brittle fracture stress can be given according to equation (13), where Z and m are
material constants and Vis sample volume.

op = ZV~Um (13)
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The temperature T = DBTT can be considered the point at which oy = of such that
equations (12) and (13) equal one another. Thus, the DBTT is a function of
sample volume as follows in equation (14) where R and S are material constants.

DBTT = — (14)
R-S InV

However, because subsized CVN specimens were not standardized, a variety of
different notch geometries were fabricated, which equation (14) does not take
into account. Thus, an empirical correlation to calculate a universal
temperature shift correlation constant, Tsnirr, was adopted as the common
approach, reflected in equation (15).

DBTTfull size = DBTTsubsize + Tshift (1 5)

Normalizations for the DBTT by similar geometrical factors as described in [32,
37, 44, 46] for use in normalizing the USE proved effective such that the shifts
in the DBTT caused by irradiation on the subsized specimens could equate to
shifts caused in full sized specimens expressed in equation (16).

ADBTTnormalized full size = ADBTTnormalized subsize ( 1 6)

Both Sokolov and Nanstead at Oak Ridge National Laboratory (ORNL) in the US
[47] and Lucon et al. at SCK-CEN in Belgium [48] generated large databases of
data on many ferritic steel alloys in an attempt to validate proposed mini to full
sized CVN specimen correlations. The ORNL database generated in [47]
investigated four types of RPV steels using five different mini CVN geometries
from 11 material conditions and found that the most accurate estimation of USE
involved the following ratio in equation (17).
USEfull size __ Bbzfullsize (1 7)

USEsubsize Bbzsubsize

The ORNL study [47] also produced an overall temperature shift combined
empirical/geometrical formulation for the temperature shift Tsur in equation
(18).

Tsnife = 98 — 15.1In(Bb?) (18)

The SCK-CEN study in [48] created a database performing a round-robin with
232 full size and 333 sub-size CVN specimen tests fabricated from 19 alloys, 8
non-irradiated and 11 irradiated, and came up with the following empirical
universal normalization constants: NFysg = 21.56 + 2.64, Tshirt = 65 £ 15 °C.

Through tedious efforts of generating large material databases and many
attempts with a variety of geometric normalization factors, miniaturized Charpy-
V-Notch specimens were able to be correlated to the full-sized standard
specimens. The data and application of a Charpy test is most valuable for
investigating reactor pressure vessel (RPV) steels which become embrittled after
service time in order to monitor the shift in DBTT and ensure safe operations.
The application of this specific SSMT is unique to investigating this component
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in Light Water Reactors (LWRs). Due to lugubrious geometrical calculations and
the large databases that would need to be obtained for application to other alloy
systems, mini CVN is most likely not the preferred SSMT to be used to investigate
other reactor components. Other SSMTs provide more straightforward
determinations of mechanical properties with much simpler stress states and
allow for more mechanistic information regarding deformation pathways and
failure mechanisms.

2.4 Microhardness Tests

Microhardness testing involves indenting a sample surface with a diamond or
hard ceramic indenter using a known applied test load between 1 and 1000 gf.
Typical forces are approximately 2 N = 200 gf and produce indents about 50 pm
wide. Hardness measurements are measured by dividing the applied force by the
surface area of the indent. There are two common testing methods: Vickers
hardness testing (HV) and Knoop hardness testing (HK).

Microhardness tests are a robust, fast, and simple method of categorizing
radiation-induced hardening/softening of any reactor core internals or
structural materials. Because they are permanent impressions into the material,
the measured hardness values can then be empirically correlated to predictive
changes in yield stresses and ultimate tensile stresses as a function of irradiation
dose, dose rate, or temperature. A piece of material thicker than a few hundred
microns and at least a few mm? in surface area polished to a smooth finish is all
that is required. Commercially available microhardness testers can easily go
inside of the hot cell and perform the work in an automated fashion. However,
because microhardness is an indentation technique, it creates a triaxial loading
stress within the material, and it is difficult to analytically determine the exact
plastic zone size around each indent. In addition, no quantitative information
regarding changes in ductility or brittleness can be obtained, although
qualitative information can be inferred based on post-test observations in the
SEM or by extracting TEM lamella from deformed regions of material beneath
the indents. Because the plastic zone sizes are quite large for microhardness
indents (> 100 pm), it may struggle to accurately characterize changes in
materials produced by ion irradiation simulation studies, since the penetration
depth of these irradiations is limited to 4-100 pm. Also, good statistics may be
difficult to obtain on components and materials with limited sample surface
areas and thicknesses to investigate. Smaller length scale SSMTs are needed to
investigate these materials.

Vickers hardness tests are the more versatile and favored of the two techniques.
They indent with a pyramidal diamond punch with a 136° opening angle between
opposite faces and conveniently use one hardness scale to test all materials. The
Vickers hardness of a material is calculated according to equation (19)

HY =5 = 20T egf/mm?] (19)

A d2
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where d is the average length of the diagonals of the surface indent and Fis the

load. The contact area, A, can also be taken as the ratio of the area of the base

of the pyramid to the area sides of the pyramid such that Vickers hardness can

be given more simply as (20), where P is the stress normal to the indenter tip.
HV =0.927 P (20)

Sample thickness should be kept 2.5 times larger than the indent diameter. The

indent depth can be calculated by equation (20).

h=—— (21)

2V2 tang

Minimum distances between indents and the distance between any indent and
the edge of the sample should be at least 2.5 times larger than the average indent
diagonal length.

Plastic flow of the metal around the indenter tip must be examined in two
dimensions, along and perpendicular to the axis of the indenter tip because the
tip surface is not parallel to the sample surface. Plastic deformation occurs when
the Huber-Mises criterion is met, when the maximum shear stress reaches a
critical value, k, according to equation (22)

2k = 1.150,, (22)

where o, is the yield stress. Prantl mapped plastic flow around the pyramidal
wedge punch in [49]. The stress normal to the top surface of the indenter, P, can
be given by equation (23)

P=2k(1+1/2) (23)

Combining equations (21) and (22) produces
P=1.150,(1+mn/2)~ 2.960, (24)

Combining equations (20) and (24) produces the material independent analytical
correlation between Vickers microhardness and yield strength as (25)
oy, = 3.55HV [MPaj (25)

The first empirical correlations were performed on austenitic stainless steels with
varying amounts of cold work by Bruemmer [S0] and Kodama and Suzuki [51]
from which the following correlation was fit to the data:

o, = 2.5(HV — 68) [MPa] (26)

Toloczko repeated the experiment in [52] and arrived at a quite similar

correlation equation:
o, =2.7HV — 125 [MPa] (27)
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By Vickers hardness testing irradiated and non-irradiated 300 series steels,
Higgy and Hammad empirically verified a linear relationship between changes in
HV and changes in g, [S3]:

AHV =K Ac, (28)

where K =2.82 for 316 SS and K = 3.00 for 347 SS. J. Busby ultimately compiled
the work of many independent projects correlating changes in Vickers
microhardness to changes in yield strength on austenitic stainless steels and
RPV ferritic steels under irradiation shown in Figure 11 and arrived at master
correlation equations [54]:

AHV =3.03 Agy, (fcc) (29)

AHV = 3.06 Ag,, (bcc) (30)
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Figure 11. Master empirical correlation curves plotting change in uniaxial tensile
yield stress versus change in Vickers microhardness for austenitic stainless
steels (a) and ferritic steels (b). [54]

Because the correlation factors are nearly identical for austenitic and ferritic
steels, these results strongly suggest that the correlation is independent of alloy
type, crystal structure, and operating conditions. This concept is also supported
by Tabor in [55] who derived a theoretical correlation factor between the changes
in the two mechanical properties of 3.33 MPa/kg/mm?2 and experimentally
measured correlation factors for two alloy systems to be Kc steerl = 3.44
MPa/kg/mm? and Kcu = 3.33 MPa/kg/mm?2. However, irradiation effects may
slightly reduce the correlation constant and account for the ~0.3 MPa/ kg/mm?
difference, or this difference is simply statistically insignificant.

Knoop hardness tests are meant for brittle materials and thin sheets or
thin effected areas, be they by irradiation, welding, or other processing, where a
shallow indentation depth is required to avoid unwanted effects of cracking and
compliance. An elongated pyramidal diamond punch with a length to width ratio
of 7:1 and a larger opening angle of 172.5° and smaller opening angle of 130°
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indents the polished sample surface. The indentation depth can be approximated
as 1/30 of the longer dimension of the punch. Knoop hardness is given in
equation (23), where F is the load, C, = 0.070279 is a shape factor, and L is the
length of the longest indent diagonal [329].

HK = [kgf/ mm?] (31)

2
Cpl

Knoop hardness tests have been applied to investigate irradiation effects on
ceramics in the nuclear industry such as nuclear graphite in [56] which serves
as a moderator, reflector, and structural material, especially in gas-cooled
reactor designs and boron carbide power proposed as an absorber in fast reactor
control elements in [57]. Knoop hardness also served as an effective tool for
remote measurements in the hot cell on thin neutron irradiated Zircaloy cladding
tubes investigating all six planar directions of the tube. The results of [58]
indicated a reduction in anisotropy of the Zircaloy cladding with an increase in
neutron fluence. Similarly in [59], the effect of differing texture in Zircaloy
cladding tubes impacting its mechanical properties was investigated via Knoop
hardness. Because of its advantage in investigating the mechanical properties of
thin sheets, Knoop hardness was also used to study the radiation stability of
ZrN, which serves as a proposed inert matrix material to house transuranic fuel
in next generation reactor designs as well as a surrogate material for
characterizing transuranic nitride metallic fuels [60]. Knoop hardness was
effective at profiling the changes in mechanical properties across the heat
effected zone (HAZ) of a weld in V-4Cr-4Ti candidate fusion reactor first wall and
structural material [61].

2.5 Nanoindentation Tests

Nanoindentation tests extract the elastic modulus and hardness of a specimen
while only indenting it to a maximum depth of a few microns. This SSMT was
specifically developed for measuring the mechanical properties of samples that
have a minimal volume. Thus, nanoindentation is the ideal quick and robust
mechanical testing technique used to study the effect of ion irradiations and
determine their validity as a surrogate irradiation technique to in-service
irradiations. Nanoindentation has been proven to accurately profile ion
irradiated zones of material and the transition interface between irradiated and
non-irradiated material where injected interstitials sit, in good agreement with
Stopping Range of lons in Matter (SRIM) software [62]. Nanoindentation can also
generate larger statistics than microhardness due to its smaller plastic zone (<
50 pm); more indents can be taken from the same sample surface. In cases
where the preservation of components and/or candidate materials is a must,
nanoindentation can be considered an effectively non-destructive testing
technique. It lends itself well as a potential non-destructive, portable SSMT
technique which can be brought to the component or material on site while it is
in-service or while service has been halted without needing to remove it. For
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expensive, one-of-a-kind, new alloys developed for next generation reactor
technologies, nanoindentation is the best technique to obtain some mechanical
information and preserve sample material.

The punch penetration depth beneath the surface of the specimen is measured
as the load is applied to the indenter to produce load versus displacement curves.
By knowing the exact geometry of the indenter tip, the contact area can be
determined; the elastic modulus can be determined by measuring the slope of
the unloading portion of the load versus displacement curve.

A popular, widely accepted method for determining the mechanical properties of
hardness, H, and elastic modulus, E, through experimental methods is given by
Oliver and Pharr in [63]. Depictions of typical loading-unloading nanoindentation
curves highlighting important physical parameters can be seen in Figure 12.
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Figure 12. Nanoindentation load versus displacement curves, indicating the peak
load, Pmax, displacement at peak load, hmax, and final contact depth after
unloading, hyin (a). The initial unloading stiffness, S, shown in both (a) and (b),
determines the contact depth, h., along with a geometric constant, &, as shown in

(b) [63].

The earliest load-displacement studies performed by Tabor [64, 65] confirmed
that the impression formed in metals takes the shape of the indenter punch, but
with a slightly larger tip opening angle. Since elastic contact solutions existed for
both spherical and conical punches, the effect of plasticity in the elastic
unloading data could be accounted for by taking into account the shape of the
indented surface in this elastic analysis. The shape of the unloading curve and
amount of recovered displacement can be related to the elastic modulus.
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Because the indenter is not a perfectly rigid body, this is accounted for by
introducing a reduced modulus, E,, which is a superposition of the moduli of the
indenter and indented material according to equation (32)

—_2 .2
1 — (1-v )+ (1-v;%) (32)
Ey E E;

where v; and E; are the known Poisson’s ratio and elastic modulus of the indenter
punch and v and E are the Poisson’s ratio and elastic modulus of the indented
material. A stiffness parameter, S, as shown in Figure 8 was related to the
reduced modulus and contact area, A, of the indent in [66-70] by equation (33)
and shown to hold true for any indenter tip that can be analytically modelled by
a smooth function in [71].

dp 2
S = E=\/—EE“/AC (33)

The total displacement, hmax, can be divided into the contact depth and the
displacement of the sample surface at the perimeter of contact, hs.
hm,ax = hc + hs (34)

Surface deflection, hs, is dependent on indenter geometry according to equation
(35) derived in [72], where € is a geometric constant spanning the range € = 0.72
for conical indenters and € = 1 for flat punches, Pnax is the maximum load, and
S is the stiffness calculated according to (33).

hy = e (35)

Experimentally, the Oliver and Pharr method [63] utilizes the fact that the
deformation of the indenter during nanoindentation is minimal and creates an

area function as described in [73] and [74]
A =F(h) (36)

where the contact area is
Ac = F(he) (37)

The two most commonly used indenter tips are the Berkovich three-sided
pyramidal diamond punch with an opening angle equal to 142.3° and the
spherical nanoindenter. The three-sized pyramidal Berkovich indenter tip makes
a sharper point (tip radius 50-100 nm) than the four-sided Vickers
microhardness punch allowing for more precise shallow nanoindents. Its mean
contact pressure is determined from measuring its contact depth, h., such that
the perfect projected contact area is:

Ac—perf-per = 3V3htan?0 ~ 24.5h.” (38)

with 0 being the half-opening angle equal to 65.27°. For spherical nanoindenters,
the perfect contact area is given by:
Ac—perf—Sphere =T (ZRihC - hcz) ~ 2mR;h, (39)
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where R; is the radius of the sphere punch. The approximation is valid for
indentation depths much smaller than the radius of the indenter. The Oliver and
Pharr method [73] begins with a perfect contact area function, Aper, as a first
estimate and applying an iterative process indenting the material to be studied
to large depths to in order to correct for tip blunting and load frame compliance
where C; are fitting constants:

Acereal = Ac—perf + Cih: + Czhcl/z + C3hc1/4 + -+ Cthl/lzs (40)

The hardness, H, is then computed from the maximum load, Pma, and contact
area by evaluating (40) at the contact depth, h., as

H="m (4

Ac

The slope of a fraction of the initial unloading portion of the curve in Figure 8,
normally the highest 70-80% up to the maximum load, can be fit to a straight
line to measure the stiffness, S, if the peak load is held to minimize creep effects.
Standard nanoindentation loading can be load controlled or displacement
controlled and employs a 5-2-5 three segment sequence. Loading occurs for 5
seconds during the first segment, the peak load is held for 2 seconds during the
second segment, and unloading occurs for 5 seconds in the third segment. In
[73], Oliver and Pharr developed a power law relation
P=C(h—h)™ (42)

to describe the unloading portion of the curve seen in Figure 8 by expressing the
load, P, as a function of the displacement, h, final displacement after unloading,
hf, and material constants C and m. The stiffness, S, is determined by
differentiating (42) and evaluating it at the peak load and displacement, Pmax and
hmax after determining materials constants C and m via linear regression least
squares fitting. After the stiffness value, S, is determined by either of the above
procedures, the reduced modulus can be calculated by rearranging (33), and the
elastic modulus can be solved for using (32).

The primary application for nanoindentation in the nuclear materials community
has been to probe shallow ion irradiated and implanted sample regions and map
out relative changes in hardness for candidate reactor structural materials. The
reasons for this are twofold: first to determine if materials with certain inherent
properties such as crystal structre, microstructure, etc. are more susceptible to
irradiation hardening; and second to fine tune ion irradiation techniques such
that they better simulate radiation environments the components experience in
service. This can be done by performing the same nanoindentation studies on
the same ion and neutron irradiated material and control material so that a one-
to-one comparison can be made without having to be concerned with heat-to-
heat processing variations. Nanoindentation of ion irradiated materials can be
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performed either parallel to the incoming ion beam or perpendicular to the

incoming ion beam. This is depicted in Figure 13 adapted from [75].
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Figure 13. Schematic depiction of nanoindentation performed on ion irradiated
materials (a) parallel to the incident ion beam and (b) perpendicular to the
incident ion beam. Shallow ion irradiated samples are exemplified by the dashed
line and deep ion implanted samples by the dotted line [75]

If nanoindentations are performed into the sample surface in the beam direction
as in Figure 13a, the materials properties are sampled over a wide dose range in
a non-uniform manner. Because each nanoindent brings with it a plastic zone
size approximately five times the indentation depth [76], indenting in parallel to
the beam direction convolutes the measurement into sampling a broad range of
doses and dose rates, especially if the plastic zone were to include the stopping
peak region. For example, if a 200 nm deep indent were made in an ion irradiated
sample, all material in a 1 pm radius around that indent would contribute to its
hardness value. Plastic zone sizes, ¢, associated with individual indents can be
calculated according to the Johnson model from [77], knowing the yield strength
of the material, oy, elastic modulus of the material, E, half-opening angle of the
indenter punch, 6, and radius of the indent, r, according to:
i (43)

30ytan9

c=r

This also raises the importance of indent spacing; any two indents’ plastic zones
should not overlap. Thus, as a safe rule of thumb, indents should be spaced
apart roughly 10 to 20 times their indentation depth. Therefore, individual
hardness measurements cannot be associated with individual SRIM dose
calculations for specific depths if the indentation is performed as shown in Figure
9a. Instead, only a global hardness change can be associated with the entire dose
range of the ion implantation. For all of these reasons, the preferred method of
nanoindentation on ion irradiated materials is the one depicted in Figure 13b,
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often referred to as cross-section nanoindentation. Load-controlled
nanoindentation set to a maximum load of ion irradiated material should also
be avoided because the non-uniformity of the irradiation will cause indents in
the harder/softer irradiated region to go to a shallower/deeper depth and appear
harder/softer than they really are. This will overestimate the effects of radiation
hardening/softening. Cross-section nanoindentation in constant displacement-
controlled mode most accurately samples individual dose regions of ion
implantation, and when an optimal indentation depth is chosen, can profile the
hardness changes in the material in a way that almost mirrors the predicted
SRIM profile of the ion irradiated material, except for the stopping peak region.
An example of effective 200 nm depth, cross-section nanoindentation on 10 dpa
proton irradiated 304 SS with its overlaid SRIM profile adapted from [78] can be
seen in Figure 14.
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Figure 14. 200 nm deep cross-section nanoindentation of 10 dpa proton

irradiated 304 SS with overlaid SRIM dose profile [78]

It is well documented that an indentation size effect (ISE) exists where the
measured hardness increases with decreasing indentation depth [62, 79]. Nix
and Gao have modelled the ISE based on the volumetric density of geometrically
necessary dislocations (GND) contained within the hemispherical plastic zone
beneath the visible indent [80]:

H h*
H_o = 1 + 7 (44)
H is the hardness of the material at a given depth h, H, is the hardness of the
material at an “infinite depth,” effectively the bulk hardness value, and h* is the
characteristic depth where the material produces bulk hardness values when
indented. By performing indents at many depths and measuring their hardness
values, the ISE can be accounted for by plotting the data as (H/Ho) 2 vs. 1/h to
determine the characteristic depth, h*.

Krumwiede performed nanoindentation studies on 8 neutron irradiated nuclear
alloys (T91, HT9, NF616, F82H, EuoFer97, MA956, MA957, and 14YWT) [81] in
order to correlate nanohardness values from indents outside the size-effected
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zone, H, with tensile yield strengths, o,, by adapting the Busby correlation in
[54] to nanoindents
Ao, = 289.17 AH  (45)
and also applying the following correlation adapted from [82] between the
absolute values of nanoindentation hardness and tensile yield strength.
0, = 266.5 H — 114 (46)

The results indicate that utilizing the correlation that predicts the absolute
tensile properties, equation (46), is more accurate. Krumwiede also points out
that when correlating nanoindentation indents to stress values, the value
calculated in equation (46) is a more accurate representation of the 8% flow
stresses of non-irradiated materials, whereas it more accurately predicts the
yield strengths of irradiated materials. Evidence of this is displayed in Figure 15
and can be attributed to the fact that nanoindentation produces sufficient plastic
strains to create strain hardening, which is more prevalent in non-irradiated
materials.
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Figure 15. Measured tensile properties plotted against stress values calculated
from two nanoindentation hardness-stress correlations: an absolute correlation
(left) and change in stress correlation (right). The absolute correlation provides
more accurate predictions of a non-irradiated material’s flow stress and an
irradiated material’s yield stress. [81]

In order to select the optimal depth for nanoindentation which both samples a
uniform dose in the ion implanted region and which either completely avoids,
minimizes, or corrects for the size-effect regime of the material, continuous
stiffness measurement (CSM) nanoindentation of ion irradiated material proves
to be a useful tool. CSM superimposes a cyclic load onto the monotonic loading
sequence of standard nanoindentation and provides hardness and modulus
values as a continuous function of the indenter punch depth during one
indentation cycle [83]. Thus, CSM cross-section nanoindentation can more
efficiently measure and correct for ISE in both the ion implanted region and non-
irradiated region and compare the two as exemplified in [84] on an ion irradiated
T91 ferritic/martensitic steel alloy, 800H austenitic steel alloy, and Fe-10% Cr
steel alloy as shown in Figure 16.
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Figure 16. Continuous stiffness measurement (CSM) nanoindentation
technique applied to three advanced engineering alloys depicting their hardness
vs. depth profiles [82]

Spherical nanoindentation has been explored in an attempt to model an
irradiated material’s complete elastic-plastic response under contact loading and
produce relevant stress-strain curves using Hertz’s theory for frictionless contact
between two isotropic elastic solids [85] and recasting it into linear relationships
for indentation stress, oind, and indentation strain, €inqa [86, 87]:

P
Ona =5 (47)

a

Reff

(48)

€ing =

P is the indenter load, a is the contact radius, and Refr is the effective radius of
the indent. The contact radius and effective indent radius can be expressed as:

a= /thRi—hcz (49)

1 1 1
=t (50)

R;i is the radius of the indenter and Rs the radius of the indent, and the contact
depth, he, for a spherical indenter can be approximated as:

P
he = hmax — = (51)

4s
the maximum displacement hmax minus three-fourths times the ratio of the load,
P, over the stiffness, S. A new formulation for indentation strain, €ind, born from
establishing effective zero-load and zero-displacement points based on a refined
idealized primary indentation zone presented in [88] has proven to more

accurately capture a material’s mechanical properties:
4h
€ina = 53— (92)

3ta
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Spherical nanoindentation has been applied to ion irradiated tungsten, studied
as a candidate plasma facing component in nuclear fusion reactors in [89, 90]
due to tungsten’s incredibly high strength, making it difficult to investigate with
traditional mechanical tests or other SSMTs where load limits of testing devices
would be reached before yielding of the material. The indentation stress-strain
curves for the irradiated tungsten candidates can be seen in Figure 17.

a b
" Elasde Radiation affected zone
~ o so IEINZIIT]  sawrationiSohening
. b Epampte ™ i
. i i b Esample = i
a e A AR ek Bpes 525; 410 GPa /' i
i : —
520 E i
S5t a ~ 200nm #~3
S e I 7, 500nm 1
s Sto} P
o |
6} |
- i
£ i
el | PO S el P

e Indentation Strain
Figure 17. Indentation stress-strain curves calculated from spherical
nanoindentation experiments performed on ion irradiated tungsten [89, 90]. Non-
irradiated tungsten, red in (a) and orange in (b), shows behavior much like its
predicted Herztian elastic response up until yield. The irradiated yield and flow
stresses, blue and green in (a) and black in (b) have increased noticeably.

An artifact of spherical indentation stress-strain curves is the pop-in event, seen
as a strain burst in Figure 17. These jumps in displacement are attributed to the
indenter suddenly experiencing a large jump in penetration depth simultaneous
to the onset of significant plastic deformation [91]. Pop-in events can generate
noticeably high stresses close to the theoretical limit G/2r [92], where G is the
shear modulus of the material, as seen in the stress-strain curves shown in
Figure 17. This is attributed to dislocation starvation; the spherical indenter
punch is comparable or smaller than dislocation-networks in the sample, so it
is much more difficult to activate a dislocation source. Of course, this can be
counteracted by using a larger spherical indenter, which would be effective for
neutron irradiated material with a uniform irradiation field. However, for ion
implanted materials, the irradiated zone is limited to ~100s nm — 10s pm, so in
order to sample this zone only and measure changes in mechanical properties
due to irradiation without having the plastic zone of the indent extend into non-
irradiated material, small spherical indenters and shallow depths must be
employed. Performing the spherical indentation in cross-section would be the
preferred method, but often times pop-in events are unavoidable. Therefore, for
the case of pop-ins, Bushby has developed a methodology [93] for calculating the
effective indentation yield strength according to [94] by projecting the plastic
portion of the stress-strain curve backward to intersect the elastic loading
portion before the pop-in and taking this intersection point as the yield stress.
This work in [93] was performed on an ion-irradiated Fe-12%Cr fusion candidate
structural alloy. The indentation work hardening coefficient which quantifies the
change in plastic flow stress with increase in strain is a much more
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straightforward calculation and can be done in the same way as for a standard
stress-strain curve.

More recently, spherical nanoindentation has been compared against more
advanced SSMT techniques, which will be the future discussions of this review,
all performed on single-grained proton irradiated 304 SS specimens [95]. The
results indicate that although the absolute values of the yield stresses deviate
significantly depending on the technique employed, the changes in yield stress,
flow stress, and failure stress are in good agreement.

Because spherical nanoindentation is a time inexpensive SSMT requiring
minimal sample preparation beyond a well-polished sample surface and minimal
total sample volume, it may be a promising technique to obtain an initial
understanding of a neutron irradiated material’s elastic-plastic stress-strain
behavior and relative changes in mechanical properties. However, the stress-
strain curve formulations are much different than those of traditional uniaxial
mechanical tests, so some extrapolation is still required in order to make that
link and assess its accuracy.

Nanoindentation fracture toughness methods have been applied to nuclear
ceramics based on the following formulation from [96]

E P
KIC = a\/;m (53)

which assumes rapid crack growth which has concluded by the time unloading
of the indenter is complete, meaning no slow crack growth effects. The
parameters are defined as a, an indenter tip shape factor, E elastic modulus, H
indentation hardness, P applied load, and c total measured crack length from
the center of the indent to the end of the crack. Specifically, the SiC coating layer
meant to prevent fission product release on tristructural isotropic (TRISO)
ceramic advanced nuclear fuel forms was indented in [97] and the cracks
associated with the 200 nm deep indents (H = 30-42 GPa) seen in Figure 18 were
measured and applied to equation (53) in order to arrive at a fracture toughness
values between 1.0 and 3.6 MPay/m for the SiC coating.
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Figure 18. Nanoindentation in SiC coating shell of TRISO advanced nuclear fuel
form inducing cracking. (a) optical image (b) scanning probe microscopy (SPM)
image of an indent with surrounding cracks, (c) high resolution image revealing
the transgranular nature of the crack [97]

Nanoindentation has also been used more recently to evaluate the mechanical
properties of irradiated materials at elevated reactor operating temperatures.
High temperature indentation tests requires precise, independent temperature
matching of sample and indenter tip in order to avoid thermal drift issues [98-
101]. Further complications with high temperature experiments include
optimizing the indenter tip material to the material to be studied [102-104] and
ensuring that the sample surface of the material to be studied does not become
oxidized. Diamond degrades rapidly in high temperature environments,
especially in air and in contact while indenting. Cubic boron nitride (CBN) is a
better choice, but growing large crystals of it and mounting it to a holder that it
used in a commercial nanoindenter is challenging. Flooding the assembly with
an inert, protective gas such as argon or performing high temperature studies in
high vacuum [105] counteracts sample surface oxidation effects. An example of
successful high temperature cross-section nanoindetation studies up to reactor
operation temperature on proton irradiated 304 SS from [106] is shown in Figure
19.

s 22 *C (room
temperature)
w— 50 °C
w100 *C
w— 200 *C
w— 300 °C

Hardness Value (GPa)
a

0 10 20 30 40 50
Distance from indent to sample edge (um)

Figure 19. High temperature cross-section nanoindentation hardness profiles of
proton irradiated 304 SS indicating clear sharp transitions between irradiated
and non-irradiated material [106]
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Higher temperature nanoindentation up to 1000 °C is desired to evaluate the
mechanical properties of in-service fuels and structural materials to be used in
next generation reactor concepts, and cryogenic nanoindentation on irradiated
materials which has been recently developed [107] could provide a pathway for
a new SSMT to investigate DBTT effects.

Ex-situ nanoindentation creep studies on post-irradiated reactor structural
materials have also been explored. In this case, the indenter punch is held at a
pre-determined load for an extended period of time and changes in displacement
as a function of time are measured. Corrections are made for thermal drift
between the sample and tip, and the standard creep equation:

. o —Q
E=4 (E)" eRT (54)
must be modified to take the form:
Ah Hmax -9
AChy = A=) "ert (55)

to be applied to indentation studies. € is the creeping strain rate, A is a material
constant, nis the stress exponent, E the elastic modulus, Q activation energy, R
the universal gas constant, and T temperature. The applied stress o is replaced
by the maximum hardness Hmnax and the creeping strain rate € is expressed as
the change in indenter displacement over time. Equation (55) holds true for stage
II steady state creep when the strain rate is assumed to be constant after the
indentation is held for sufficient time. Primary stage creep during
nanoindentation when dislocations are first formed, initial work hardening
occurs, and dislocations are annihilated until dislocation interactions reach a
steady state occurs too rapidly in nanoindentation experiments to be studied. A
depiction of this nanoindentation creep study on proton irradiated PM 2000 ODS
steel is shown in Figure 295 [108].

e 2 20 % % 700 720
Time (s)
Figure 20. Nanoindentation creep curves depicting the strain rate as a function of
holding time for a proton irradiated and a non-irradiated PM 2000 ODS steel

[108]
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Performing CSM nanoindentation creep studies on irradiated materials may be
able to extend the creep time from several minutes as seen in [108] to several
hours by reducing drift as demonstrated in [109] on model engineering alloys.

Because of its relative ease of required sample preparation, use, and high degree
of automated instrumentation when obtaining a large amount of information
from a small volume, nanoindentation has the broadest scope of applications
when it comes to characterizing radiation-induced changes in mechanical
properties. Many nanoindentation techniques have already been fully developed,
but the bandwidth of techniques is ever growing to include new methodologies
just in their infancy stages.

2.6 Micro-pillar Compression Tests

By using the Focused Ion Beam (FIB), miniaturized micro- and nano- sized
specimens can be fabricated such that they have nominally uniaxial stress states
throughout the entire sample. Unlike in the case of nanoindentation where there
are inherent strain gradient effects associated with the three-dimensional stress
state in the bulk material, deformation occurs at a specific location contained to
a well-defined volume. There is no uncertainty with regards to the plastic zone
size. It is a straightforward task to take the measured load-displacement curve
recorded in the test and using only sample measurements, calculate engineering
stress-strain curves. Using analytical solutions for a rigid flat punch
compressing a pillar into bulk material [110], modifying it for non-cylindrical
pillars [111], and assuming no volume change in the pillar during compression,
one can arrive at true stress and true strain formulations where the inputs are
the measured force in pN, Fuy, the measured displacement in nm, dnm, the
Poisson ratio of the material, v, the measured cross-sectional area of the
micropillar in m?, A, the measured height of the micropillar in m, h, and the
elastic modulus of the material in Pa, E.

10‘9dmn—10‘61:“1\,1;4’;1
n10~12F E|—
uN T
o MPa|=————| 1+ 56
true|[MPal ” . (56)
10~ %d—10"6F, y——t
nm uUN 24
Etrue = In| 1+ = |57
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Micropillar compression was first introduced by Uchic in 2004 [112] who
discovered associated size effects in single crystal nickel. Over the course of the
next decade, many size-effect studies on the plasticity of various metallic systems
occurred and have been well documented in the review in [113]. The most notable
trend is that specimen yield strength increases with decreasing characteristic
length for single-grained specimens, as depicted in Figure 21 for fcc materials

! I
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D/b
Figure 21. Size effect strengthening in single-grained fcc micropillars. Normalized
shear flow stress is plotted against specimen characteristic length (diameter
normalized by Burgers vector) [113]

which obey a simple power law correlation between their yield strength, g,, and

diameter, d, with scaling exponent n = 0.6:
oy~ d™" (58)

The concept of dislocation starvation again rules supreme; extremely small
micropillars do not contain enough moveable dislocations so they must first be
nucleated, requiring much higher applied stresses. When a few dislocation
sources are present, the stress to activate these sources scales inversely with the
size of the source and the spacing of the defects. For polycrystalline micropillars,
however, there is an intermediate size regime between that of the single crystal
strengthening effect and bulk behavior where specimens become weakened due
to the formation of a near surface zone, where grain boundaries near the surface
have less of a strengthening effect because dislocations can easily propagate to
free surfaces and annihilate without forming dislocation pile-ups near these
grain boundaries. Eventually, when enough grain boundaries are present in a
micropillar such that the majority are in its interior, it will behave like a bulk
specimen [114]. For high defect density materials, such as severely plastically
deformed (SPD) materials or irradiated materials, the grain boundaries are no
longer the strongest strength determining feature, and this intermediate soft size
region does not exist [115, 116]|. This size scaling behavior of polycrystalline
specimens can be summarized in Figure 22 adapted from [117].
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Figure 22. Schematic of size effects in polycrystalline micro-specimens, with a
standard material shown in black and a high defect density/irradiated material
shown in red. Adapted from [117].

Using the FIB, large batches of micropillars can be fabricated in order to obtain
good sampling statistics as exemplified in the schematic in Figure 23. The
schematic in Figure 23 represents a simple three step process used to
manufacture square micropillars along the edge of a well-polished bulk sample

with a sharp edge.
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Figure 23. Three-step process developed at UC Berkeley to efficiently
fabricate batches of 4 square micropillars along the sample edge in preparation
for in-situ SEM testing, where d is the final desired pillar length and width. The

process is described as follows:

3)

5) A rough trench is milled out at high current (1-15 nA) behind the edge
region where the pillars will be made looking down onto the top surface
of the sample.

6) The sample is viewed looking down onto the side surface, and rough
pillar shapes are milled into the “wall” of material at high current (1-7
nA). Note that in this step, the maximum height of the micropillar is
determined. For accurate mechanical properties measurements, the
final pillar height should be 2-3 times the pillar width [118].

7) The sample is viewed from the top again and final polishing/ cleaning of
the front and back pillar surfaces is performed at low currents (1.5-100
pA). Counter tilting of 1° is performed to reduce taper.

8) Similar cleaning is performed on the pillar side and top surfaces at low
currents with the sample oriented as seen in step 2.

In general, simple step-by-step machining procedures can be followed in a semi-
automated fashion using standard commercial patterning tools. First, “rough
cuts” are performed at higher milling currents, usually 1-15 nA, in order to carve
out the general micropillar shape from the bulk. After, “polishing/cleaning” is
performed at lower currents, usually 1.5-100 pA, at a glancing angle in order to
remove most of the FIB damage during the “rough cutting” stage as well as
reduce the taper of the pillar. Knowing the exact, optimal current for each
material to be studied requires FIB operational experience. This method of
fabricating pillars along the edge of the polished sample is most convenient for
performing the compression testing in-situ at high vacuum inside of the SEM

36



chamber and allows for near perfect alignment during testing in all three axes
using the Hysitron PI 85 Picoindenter.

Removing all FIB damage from micropillars is impossible. Kiener has done a
study in [119] showing that the FIB damaged region of the micropillar for Cu, a
soft material, is within the first 10-40 nm closest to the free surface and depends
on the crystallinity, current, and cutting angle used. It can be speculated that
the FIB impacted region of other micropillars would be similar, and perhaps for
harder or denser materials would be even less. In order to minimize the effect of
FIB damage, micropillars should be much larger in width than twice the FIB
affected region. Kiener has also suggested that this damage could be annealed
out of the smallest nanopillars in [120], but this annealing process also alters
the material’s microstructure and could change how it mechanistically deforms.

The first studies examining ion irradiated and neutron irradiated materials were
mostly performed on candidate engineering alloys, notably ferritic ODS steels
[121] and ferritic/martensitic steels [62, 122]. The main focus was to evaluate
and compare the uniaxial compressive yield strengths of non-irradiated and
irradiated material. The use of micropillar compression testing as a way to
sample site specific regions of a material was employed in [123] to fabricate pure
ferrite pillars and pure martensite pillars out of a ferritic-martensitic steel,
determine their individual mechanical properties, and knowing the phase
composition of the bulk alloy, accurately predict its bulk mechanical behavior
from the micropillar data.

The possibility of in-situ microcompression testing in order to ensure perfect
alignment through positioning of the indenter with aid of the SEM, observe the
real-time deformation of the micropillars and record test videos, and couple
deformation with quantitative mechanical properties has recently greatly
expanded the testing scope. In-situ microcompression was performed in different
dose regimes of proton irradiated 304 SS [124] in order to investigate the
radiation-induced changes in deformation mechanisms and mechanical
properties of the material in multiple dose regimes within the same grain of the
sample. Micropillars in the stopping peak dose region (~100 dpa) were found to
be much stronger than those in the more uniformly irradiated region (~10 dpa).
In addition, radiation deformation mechanisms were quantitatively investigated
and compared for the two irradiated conditions and the non-irradiated condition.
Calculations for total energy dissipation, energy dissipation per load drop,
number of dislocations per observable slip step, and average slip step were made.
A depiction of the experimental method and representative test curves is shown
in Figure 24.

37



Irradiated pillars:
peak dose/stopping Irradiated pillars:
point ~10 dpa Unirradiated pillars

r - \ r A A} r A \
2000

= 1600
o
) 2 1400
approx. dose Top view °
profile I &4 1200
—— 2 73
- g
— £ 1000
Qo
£ 800
3
£ 600
&
w400
50 M \ 200
2[025) B
001 101

Comparison of microcompression stress-strain
behavior of different doses of irradiated 304 SS

Unirradiated Pillar 3
10 dpa Irradiated Pillar 1
Peak dose Irradiated Pillar 2

0 0.05 0.1 0.15 0.2

Engineering Strain, €

Figure 24. Experimental set up for fabricating micropillars in three distinct
irradiation regions from the same grain of a proton irradiated 304 SS specimen
and the resultant microcompression engineering stress-strain curves indicating

the relative differences in mechanical properties [124]

In-situ microcompression has also been applied to investigate the interface
properties of SiC/SiC matrix-fiber composites, considered as accident tolerant
fuel cladding material for next generation high temperature reactors [125-127].
Specifically, by varying the interface angle, 6, through the micropillar, between
8° and 84°, and plotting the resolved shear stress versus the resolved normal
stress, the debonding shear stress and internal friction coefficient of the
composite were determined according to the Mohr-Coulomb criterion. A
schematic and exemplary pillar from this experiment can be seen in Figure 25.
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Figure 25. Micropillar compression of SiC/SiC matrix-fiber composites: (a) pillar
fabrication schematic, (b) resolved stresses under compression, (c) representative
pillar pre-testing, (d) representative pillar with fractured interface post-test, (e)
determination of debonding stress and internal friction coefficient according to
the Mohr-Coulomb criterion [126]

Micropillar compression testing performed on model materials at cryogenic
temperatures in [128] and elevated temperatures [129-132] show promise in
developing micropillar compression as a technique to evaluate DBTT on nuclear
materials and evaluate reactor components at operating temperatures. Similar
issues exist as would for developing nanoindentation for these applications:
thermal drift between the pillar and flat punch, indenter punch material
selection to resist degradation, and oxidation of the micropillar free surfaces. In
addition, for ex-situ micro compression testing, which is the most common for
elevated temperature testing, the alignment is difficult and must be done either
using a goniometer to evaluate the imprint of the flat punch on the sample and
ensure its symmetric [133] or measuring the location of the sample in different
areas and tilting it until its straight. Recently, these difficulties have been
overcome on irradiated 304 SS by Vo et al. [134], where microcompression
testing was performed ex-situ at elevated temperatures up to reactor operation
temperature, 300 °C, as shown in Figure 20. Correlations between micropillar
data and nanoindentation data at elevated temperature over the range of test
temperatures were also developed.
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Figure 26. Microcompression testing of irradiated and non-irradiated 304 SS at
elevated temperature. (a) micropillar compression true stress-true strain curves,
post-test SEM images of a representative (b) non-irradiated micropillar (many
small dislocation slip steps) and (c) irradiated micropillar (few large dislocation
slip step channels), and yield strength, (d), and critical resolved shear stress, (e),
versus temperature [134]

A recently developed, in-situ, irradiation creep study involving micropillar
compression testing has been developed using a custom designed spring loaded
transducer positioned in line with the ion beam [135]. Although this was
performed on a bulk metallic glass and not a nuclear material, the results show
clear evidence of irradiation induced creep. There is certainly reason to
investigate irradiation creep for materials relevant to the nuclear community and
industry by holding them at load under irradiation in a similar fashion.

For highly activated neutron irradiated materials, it would be of great advantage
to not have to perform the microcompression test with the bulk sample still
attached underneath. Lifting out smaller amounts of material to fabricate a lift-
out pillar would greatly reduce the total dose. Lift-out techniques employ
nanomanipulators inside high resolution systems, most commonly SEMs, to
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locate, attach, transfer, and manipulate small volumes of material using
piezoelectric materials combined with inertial drive mechanisms in multiple
degrees of freedom, often times three coordinate axes, rotation, and tilt. The
actuators obtain nanometer resolution by exploiting differences in static and
dynamic friction coefficients, and they can achieve total travel distances of
several centimeters. Operating these nanomanipulators close to their range
limits should be avoided in order to eliminate drifting of the probe. Needle point
probes typically made of tungsten electropolished to ~1 pm thickness that can
also be re-sharpened in-situ via FIB after blunted due to heavy use harvest tiny
specimens and handle them with minimal damage. A gas injection system,
typically a platinum organic gas, attaches the specimen to the probe and the
specimen to its desired location. The hydrocarbons are stripped from the gas via
FIB and the remaining platinum “glues” the specimen to the probe and testing
site.

A technique has been developed at UC Berkeley where large lift-out foils
approximately 30 ym x 3 um x 8 um from a non-irradiated and irradiated MA957
oxide dispersion strengthened (ODS) steel were removed from the bulk, and
rough pillars approximately 3 ym x 3 um x 8 um were cut from the large foil and
mounted on top of hard, stiff, flat Si stubs using a Pt gas injection system (GIS)
system. These pillars were then polished to remove FIB damage and surface
roughness to final sizes of 1.75 pym x 1.75 ym x 4 pym. A small load controlled
pre-stress was performed to ensure good surface alignments between the
diamond flat punch and the pillar top as well as no gap and good surface
alignment between the pillar bottom and the top of the Si stub. The pre-stress
was entirely within the linear elastic regime. Corrections were made in order to
account for displacing the silicon atom probe stub below the lift out pillars by
taking SEM micrographs of 9 tips and measuring the opening angles, widths,
and lengths of the tips and developing an analytical expression using geometrical
relationships. A comparison between corrected and uncorrected data shows that
this effect is almost negligible. Yield strength values changed by 6 MPa or less.
Successful tests were performed on two non-irradiated pillars and one irradiated
pillar, and the yield strength values were in good agreement with the literature:
Oynonrad ® 1100 MPa and oOyraqa ® 1300 MPa. Figure 27 summarizes this
experiment.

A parallel, lift-out, micropillar compression approach also developed at UC
Berkeley involves lifting-out a large foil of the material to be studied and
mounting it on top of a FIB flattened post of a standard Mo 3 mm TEM disk for
in-situ SEM testing. Mo grids are chose due to their high stiffness and
robustness in handling as opposed to soft Cu grids which may cause more
noticeable compliance issues and which easily bend upon handling. The
advantage of this method over the previous method is the fact that individual
specimens can be thinned for ion irradiation and helium implantation using the
Zeiss Orion Helium Ion Microscope (HIM) which is limited to a penetration depth
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of ~300 nm. However, the larger foil may generate a detectable radiation field
due to its larger sample volume as opposed to the first method which only
involves individual pillars. An example foil can be shown in Figure 28.
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Figure 27. Lift-out pillar compression technique: (a) large lift-out foil positioned
over top of a flat Si stub, (b) a rough lift-out pillar mounted on top of the Si stub
with a Pt GIS, (c) top and side images of a finished, cleaned lift-out pillar, (d)
engineering stress-strain curves for irradiated and non-irradiated MA 957 lift-out
pillars. Enhanced from [136]

Figure 28. Helium Ion icroscope (HIM) image of an array of micropillars
manufactured on a lift-out foil sitting on top of a Mo TEM grid post. The pillars
boxed in red have been implanted with a flux of 1018 He ions/cm?2. [137]

Instruments associated with the SEM/FIB that are not designed for irradiation
now become accessible for use on highly irradiated lift-out micropillars that have
seen high doses and dose rates because their sample volume is so small that no
residual activity can be measured by standard radiation detectors. Lift-out
microcompression also seems to be more FIB time efficient because trenching is
only performed once from one orientation to extract the large foil instead of twice
from two orientations in order to fabricate a batch of micropillars in a bulk

42



specimen. Several lift-out micropillars can be manufactured from one large lift-
out foil.

2.7 Micro-tensile Tests

Although micropillar compression testing has a wide breadth of applications in
the nuclear materials community and allows for the convenience of a uniaxial
stress state to obtain quantitative yield stress values, and with in-situ testing, a
limited look into changes in deformation pathways caused by irradiation, ductile
metallic specimens cannot be tested to failure and no mechanical information
regarding ductility can be obtained. Microtensile testing has the advantage of
obtaining uniform and total elongation of a specimen tested in a uniaxial stress
state in addition to obtaining yield stress and work hardening rates which can
also be obtained from micropillars. The results produced are by far the easiest
to analyze of any SSMT and match directly to the most commonly used ASTM
test in practice in industry.

As is the case for most SSMTs, micro-tensile testing originated in the fields of
more basic materials science research as a way to investigate the synthesis of
materials with reduced dimensions, such as thin coatings, nanostructured
materials, and thin films. This has helped experimental techniques advance to
commercial availability with controlled instrumentation. The development of
micro-tensile techniques in the non-nuclear fields is well reviewed by Giancola
and Eberl [138]. Highlights include the availability of easy-to-use non-contact
strain measurement systems such as interferometric strain displacement gauges
and digital image correlation (DIC), small-scale actuators using cantilevers or
produced by lithographic masking and microelectronics (MEMS), and the
improvement of high fidelity dynamic range transducers, positioning stages, and
Sensors.

Micro-tensile specimens fabricated for in-situ SEM testing using a gripper-based
pulling design emerged first on model materials in [139, 140]. The gripper is FIB
manufactured from either an unfinished diamond flat punch or a tungsten
nanomanipulator probe and threaded on the backside to be screwed into an in-
situ SEM nanoindenter. Careful attention to the gauge length to sample width
aspect ratio should be paid; aspect ratios smaller than 2:1 show significant size
effect strengthening due to the limited free glide of dislocations over the sample
cross-section resulting in dislocation pile-up. Gripper based, in-situ SEM micro-
tensile testing has since been expanded to irradiated, single-grained specimens
on the order of 1.3 pm x 1.3 pm x 4.5 pm fabricated from the bulk of a well-
polished sample surface in [140] on proton irradiated 304 SS. Clear differences
in strength: critical resolved shear stress (CRSS) and yield stress, and
plasticity /ductility: total elongation, total plastic energy released, the associated
number of load drop events in the stress-strain curves, the average energy
released per load drop, and the associated number of dislocations needed to form
individual slip step channels were well documented. Post-irradiation annealing
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at 500 °C indicated significant recovery of ductility as well as reduction in
radiation strengthening. This can be seen in Figure 29 adapted from [141].
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Figure 29. Bulk micro-tensile testing of proton irradiated 304 SS. (a) SEM image
of pre-test experimental set up depicting tungsten gripper aligned to pull a test
specimen. (b) Engineering stress-strain curves of irradiated and non-irradiated
micro-tensile specimens. (c) Post-irradiation annealed micro-tensile specimens

indicate some recovery of ductility and reduction in yield strength increase. [141]

Similar to the gripper method of pulling a micro-tensile specimen fabricated from
larger electropolished needles in [139, 140] or from the well-polished bulk sample
surface, a hook-based technique (micro-test rig MTR-3 developed by
MicroTesting Solutions in Hilliard, OH, USA and operated at the Institute of
Materials Engineering in ANSTO) has been used to pull larger 10 pm width x 13
pm thickness x 25-30 pm gauge length micro-tensile specimens, experimental
design shown in Figure 30, cut out of a thin pre-prepared foil or wedge of the
material of interest [142].

Pre-test ‘ Post-test

Figure 30. Hook-based micro-tensile testing design which allows for larger sized
specimens up to maximum approximate size 15 um x 15 um x 30 um to be tested
in-situ in the SEM. An example single-crystal nickel specimen from [142] is
depicted.

An interesting caveat of the work of [142] reveals that the stopping peak region
produced by ion irradiation blocks dislocations. Traditionally, well prepared foils
or wedges are ion irradiated and subsequently micro-tensile specimens are
fabricated in the ion irradiated region, but if neutron irradiated material could
be prepared in the form of a foil or wedge, there is no reason the same testing
methodology could not be used.
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The second type of in-situ, micro-tensile testing performed on nuclear materials
involves extracting individual specimens from regions of interest using lift-out
techniques employing micro- and nano- manipulators and mounting them on a
pre-fabricated testing device. Because nuclear material is often highly activated
in the case of neutron irradiation or limited to pm3 of uniform volume dose in
the case of ion irradiation, lift-out micro-tensile testing is preferred for examining
specific microstructural features of irradiated materials. This technique can
assess interfacial and grain boundary strength properties as well as isolate
radiation nucleated phases, such as 8-phase zirconium hydrides which only
average 1 pm in thickness. Fujii and Fukuya [143] first used a cantilever-based
technique on FIB notched, 45° angled, oxidized grain boundary micro-tensile
specimens extracted from Alloy 600, a material commonly used in light water
reactors (LWRs) that becomes susceptible to irradiation assisted stress corrosion
cracking (IASCC). This technique involves pulling the micro-tensile specimen
that is attached to a cantilever and calculating the load applied to the specimen
from the displacement of the cantilever by simple beam mechanics according to
equation (59).

Ewt3d

413

F =

(59)

E is the Young’s modulus and [, w, and t are the length, width, and thickness of
the cantilever and d is the displacement of the cantilever during loading. They
were able to induce grain boundary failure on two specimens, and grain
boundary strength measurements indicated weakening caused by increased
phosphorous segregation in one boundary compared to the other. Miura and the
previous authors then expanded this lift-out, micro-tensile, cantilever technique
to assess the effects of helium on the grain boundary fracture of 316 SS [144].
They placed the grain boundaries perpendicular to the loading direction in a
debonding stress state and notched them such that the grain boundary line
length was approximately 300 nm and line thickness was 2 pm. Specimens
fractured within their grain boundaries when total helium concentrations in the
material were higher than 2 at%, the spacing between bubbles on the boundaries
was less than or equal to 5 nm, and the matrix hardness was greater than 4.6
GPa. Grain boundary failure strength is noted to trend inversely with helium
concentration. Figure 31 depicts the methodologies of these lift-out, micro-
tensile, cantilever based tests.
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Figure 31. A lift-out, micro-tensile, cantilever-based, in-situ SSMT: (a) View of the
complete experimental set up, (b) grain boundary oxidized Alloy 600 specimen
notched and tested in a mixed-mode state producing grain boundary failure [143],
(c) helium implanted 316 SS notched grain boundary tested in a pure debonding
stress state inducing brittle grain boundary fracture [144]

2.8 Micro-Bend Tests

Because almost all commercial indenter systems operate in compression mode
only, and due to the fact that the sample preparation, manufacturing, and
testing requires complicated lengthy and expensive techniques for the case of
micro-tensile testing, micro-bend testing has been developed as an alternative.
Micro-bend testing has the capability to directly evaluate more mechanical
properties information than nanoindentation, elastic modulus and yield
strength, and can be performed with easier alignment than is required for micro-
pillar compression. Two commonly used micro-bend tests are in practice today:
micro-cantilever testing where a bending beam remains fixed to a bulk substrate
at one end and is loading from the opposite end, and micro-three-point bending
in which a beam is fixed at its two ends and is pressed in its center. Although
both the elastic modulus and yield point can be easily accessed, evaluating any
post-yield plastic mechanical properties in a quantitative manner is rather
difficult and requires FEM modelling. The bending beams also experience
complex stress states; in the case of cantilevers tension on top and compression

at the bottom highest at its anchored base and in the case of three-point bending
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beams tension at the bottom and compression at the top, highest at its center
under the indenting punch. There is also a neutral axis in the center of the beams
that remains unstrained. Obvious strain gradients result so analysis of
continuous slip channels becomes difficult because the driving forces for
dislocation motion change as a function of length along the beams. The energetic
approach can be taken, but knowledge of exact crack geometries, lengths, and
opening displacements is needed in addition to the recorded load-displacement
data. Obtaining this is only possible through in-situ TEM testing due to the high
resolution required. At this length scale, testing becomes almost purely
mechanistic in nature.

2.8.1 Micro-Cantilever Tests

The first micro-bending method, micro-cantilever testing, was introduced by Di
Maio and Roberts [145] to measure the fracture toughness, Kic, of a thin
chemically vapor deposited (CVD) tungsten carbide based coating. House-shaped
cantilevers were FIB milled from the bulk as pictured in Figure 32 and the plane
stress fracture toughness relation

Kic = Uc‘/ﬁF(%) (60)

with Kic as the fracture toughness, o. the fracture stress, a, the crack length,
and F(a/b) a dimensionless shape factor dependent on cantilever geometry.
Cutting the cantilevers into the smoothly polished surface of the specimen in
arrays like seen in [89] in Figure 33 allows them to be precisely located and
loaded accurately, avoiding misalignment issues, using scanning probe
microscopy (SPM) to identify the center point of the cantilever at its tip with an
ex situ nanoindenter.

House-shaped micro-cantilever Notch cross-section
7 0.5 pm

Figure 32. Notched house-shaped micro-cantilever [145]
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Figure 33. Array of micro-cantilevers milled into a well prepared surface of
irradiated Fe-12% Cr. Accurate testing with good alignment can be performed
easily ex-situ using scanning probe microscopy (SPM) to identify the loading point
in the center of each cantilever [89].

Assuming that only small deflections occur in the material, the stress, o, can be
calculated as

o=— (61)

Where Pis the applied force of the indenter, L is the length of the cantilever, y is
the vertical distance between the neutral axis and the top of the cantilever, and
Iis the inertia of the cantilever. For the house-shaped cantilevers, the inertia, I,
and neutral axis offset parameter, y, are derived as function of the cantilever’s
width, w, and thickness before taper, b, shown in Figure 32 as follows:

wb2+w2(b+w)
y= e (62)
bW+T
_ wb3 by o w? 7b o w?
I'=—+@-=)Dbw+ =+ (- (63)

The shape factor, F(a/b), for house-shaped beams was calculated for crack
length, a, to sample thickness before taper, b, ratios 0.3 < a/b < 0.5 by applying
the boundary element method (BEM) in [146] to relate the applied load to the
specimen/crack geometry.

a

F(5)=185-338%+13.24 (%)2 —23.26 (g)3 +16.8 (%)4 (64)

This methodology was validated on silicon and measured Kic = 1.1 + 0.016
MPa/+/m, very close to the bulk fracture toughness values 0.83-0.95 MPa/vm
[147, 148]. The WC coating was then assessed and found to have Kic = 3.2 + 0.3
MPa/+/m. Because these cantilevers were machined in the center of the bulk
specimen, the loading was performed ex-situ. Careful attention should be paid
to using FIB milled notches that serve as crack initiators with regards to the FIB
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damage created and ensuring an acceptable notch geometry with its appropriate
shape factor is produced. House-shaped cantilevers in the bulk were also used
to assess the fracture toughness properties of oxidized Alloy 600 exposed to
pressurized water at 325 °C at a pressure of 30 kPa [149]. Non-oxidized and
oxidized boundaries exposed for 1500 hours were not found to fracture in a
brittle manner, but oxidized boundaries exposed for 4500 hours were found to
fracture with a toughness 0.73-1.82 MPa/+/m. It is also worthy to note from [149]
that no correlation was found between fracture toughness and oxidized grain
boundary misorientation angle. This is shown in Figure 34. A concurrent micro-
cantilever study on oxidized grain boundaries in Ni alloys subjected to
pressurized water reactor (PWR) environments was performed in [150].

20
_ ¥ ¥ ;
:: 1.64 is ]
L) L]
g 12 * *
z - ' i i
v . *
0.8 _ .
04

1S 20 25 30 35 40 45 50 55 60
Misorientation angle ©
Figure 34. Evidence of no correlation between grain boundary misorientation
angle (boundary type) and fracture toughness of the associated fractured grain
boundary in an oxidized Alloy 600 material exposed to pressurized water reactor
primary water for 4500 hours [150]

Cantilever geometries similar to those proposed in [145] also investigated the
mechanical properties of silicon carbide (SiC) coating layers around spherical,
tristructural isotropic (TRISO) particles considered to be a likely candidate next
generation fuel form [97]. Because this SiC coating is only 30-50 pm thick, it
could not be investigated by conventional means, so five notched
microcantilevers were attempted as shown in Figure 35. These specimens
produced slightly inflated fracture toughness values, 3.79-7.99 MPa/vm,
compared to fracture toughness values determined through an independent
indentation fracture toughness technique, 1.0-3.6 MPa/+/m. This was attributed
to blunt notches milled in the cantilevers. FIB milling sharp notches using the
line patterning tool at low currents, 5 pA at 30 keV for example [151], can
alleviate this issue. Post-test SEM microscopy of the fractured surface of the
cantilever can then be used to determine initial crack length, a.
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Figure 35. Micro-cantilever testing of SiC coating layer encasing TRISO fuel
material: (a) Batch of cantilevers milled into outer SiC coating in a polished cross-
section of TRISO fuel material, (b) Fractured SiC micro-cantilever with blunt notch

[97], (c) Fractured silicon oxide cantilever with sharp notch. The initial crack

length, a, generated by the sharp notch can be easily measured [151].

Micro-cantilevers served useful in investigating the mechanical properties of
multiple passive oxide layers grown on HCM12A ferritic-martensitic steel in a
liquid lead-bismuth corrosive environment. This steel is considered a promising
candidate for generation IV lead-cooled fast reactors (LFRs). By precise FIB
milling at the edge of the specimen, the two oxide layers could be investigated
independently as shown in Figure 39, and it was found that the outer layer
fractured in an intergranular manner, whereas the inner layer fractured in a
transgranular fashion. Through micro-cantilever testing of the beam milled
across both oxide layers, “cross-section” in Figure 36, a region of nano-pores in
the inner oxide was discovered to be the primary crack initiation site [152].
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Figure 36. Schematic of edge micro-cantilevers FIB milled into two passive oxide
layers formed on a F/M steel exposed to a high temperature liquid metal
environment. Testing of the micro-cantilever cut in cross-section revealed the
existence of a high porosity region within the inner oxide serving as a fracture
initiation point [152].

Because these cantilevers were milled into the edge of the specimen, in-situ
bending could be performed using electron and ion imaging to perfectly align a
custom diamond flat pillar punch at the tip of the beams, and videos could be
recorded to observe real time deformation.
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The bonding strength and failure of next generation metallic fuel forms (U-Mo)
to zirconium coatings was investigated using micro-cantilevers as well [153]. This
fuel concept is desired for burning low enriched uranium in test reactors and
protecting it with a Zr diffusion barrier. Cracks and porosity of the interface
caused by the plasma deposition process could be investigated, and a fine Zr
grain structure (5-30 nm) adjacent to the fuel was found to provide high
interfacial strengths. The mechanical properties of traditional UO2 fuel forms
have also been investigated via micro-cantilevers as presented in [117].

Lift-out microcantilevers have also been produced for in-situ testing in both the
SEM and TEM to reduce activity levels in a similar way to the methodology
explained for micro-pillars, where a large bulk foil is lifted out and mounted on
top of the post of a 3 mm Mo TEM disc. An image of a lift-out micro-cantilever
fabricated from neutron irradiated 304 SS can be seen in Figure 37 [117]. In-
situ testing can allow for DIC which can serve as an input for FEM modeling of
stress states to help understand plastic deformation.

Figure 37. SEM image f a lift-out 304 SS neutron irradiated micro-cantilever
about to be tested [117]

2.8.2 Micro-Fatigue Tests

Low-cycle fatigue testing involves a simple adjustment of micro-cantilever testing
where the indenter punch pushing the cantilever and bending it is replaced by a
gripper much like the one described for micro-tensile testing that moves the
cantilever back and forth in a cyclic loading cycle with a prescribed frequency.
Testing to date has studied model materials and non-irradiated engineering
alloys due to the fact that micro-fatigue bending beams are often electro-etched
from millimeter sized rods of material using acids and liquid radioactive
contamination is undesirable shown in Figure 38. This is done in order to allow
plenty of space for the fatigue gripper, fabricated from a tungsten wire, to grab
and deform the sample with no interference from surrounding material.
However, FIB trenching around a fabricated micro-beam could also clear space
for safe operation of the fatigue gripper if micro-fatigue testing were to be desired
for irradiated materials. Alternative lift-out sample preparation techniques as
previously discussed for micro-pillar compression and micro-bending where a
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large foil is lifted out and mounted on a post with free space around it for the
micro-fatigue specimen to be fabricated from could also be done.

Initially, single crystal copper micro-beams were cyclically deformed [154] in an
exploratory study. This methodology was then applied to investigate the
microstructural and mechanical instabilities of ultrafine grained (ufg) copper
severely plastically deformed (SPD) via high pressure torsion (HPT) [155] and
equal channel angular pressing (ECAP) [156].

20 mm 1/ W - double

blade gripper

~ Cuminirod
specimen

Figure 38. (a) sample holder machined for holding mini rod specimens to be

electropolished, (b) electro-chemically sharpened needle tip, (c) FIB machined

micro-bending beam, (d) SEM image of a tungsten wire with a FIB fabricated
dove-tailed slit for gripping, (e) schematic depicting a micro-fatigue specimen with
its labelled dimensions width, w, length, [, bending length lp, and thickness t/ h.
Relative intensities of the elastic, c.(y), and plastic, epi(y), strains and stress, o(y),
along the y-axis, and the normalized bending moment My(x) along the x-axis are

drawn. [154-156]

An example of a typical loading cycle can be seen in Figure 39. There is typically
a “zero force gap” because the gripper is wider than the micro-beam in order to
properly align it to perform the test without damaging the specimen, so there is
some dead time before the gripper contacts the beam and bends it on either side.
Typically cyclic loading is performed with a displacement ratio R = tmin/ Umax = -1
and a sinusoidal displacement loading frequency.
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Figure 39. Measured raw load vs. displacement data with insets showing SEM
images recorded in-situ during a loading cycle to depict the contact between
beam and gripper using to correct for compliance. The aligned beam before
testing is shown with its measured length, L, and bending length, L. The
sinusoidal loading cycle, displacement vs. time, is shown on the lower right.
[156]

In order to characterize the microstructural instability of the samples, testing is
paused after a pre-determined number of cycles at an associated strain
amplitude. The grains of ufg SPD copper have been shown to follow three
pathways during low cycle fatigue testing shown in Figure 40: large grains grow
at the expense of small grains that vanish, a suddenly appearing grain
continuously grows, and misorientation gradients between subgrains in large
grains are erased [155].
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Figure 40. EBSD maps depicting the microstructural evolution of HPT Cu during
cyclic loading after a specified number of cycles and strain amplitude. In location
1, the small orange grain is eaten by the larger green grain which grows to take
its place. In location 2, the yellow-green grain is created and grows, and in
location 3, the subgrains within the magenta grain are erased. [155]

To quantify the mechanical properties and mechanical changes in the micro-
fatigue specimens, the following stress and stain equations derived from linear
elastic beam theory for rectangular cross-sectioned cantilevers are applied where
€ is the strain, o the stress, u the measured displacement, h the thickness, b the
width, L the length of the bar, I, the bending length of the bar, and F the
measured force.

_ uh

= (67)
_ 6
- bh2 (68)

Applying these equations, the cyclic yield strength can be traced out as a
function of cycle number for each strain amplitude investigated. In addition, if
the strain amplitudes are sequentially increased, the cyclic stress-strain curve
can be created, and by integrating the area inside of each cycle, the energy
dispersed per cycle can also be mapped out. An example of this mechanical
properties assessment can be seen in Figure 41.
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Figure 41. (a) Selected stress-strain curves at cycles number 1, 10, 50, 100 for
the plastic strain amplitude €, = 8.3 x 103, (b) yield strength and maximum
stress as a function of cycle number, (c) cyclic stress-strain curve, (d) energy

dissipated per cycle as a function of cycle number at selected strain amplitudes

[156]

This type of full load reversal cyclic bending of micro-beams was also applied to
a PM 2000 oxide dispersion strengthened (ODS) steel and the cyclic stress-strain
curve and stress as a function of cycle number at comparable plastic strain
amplitudes were in good agreement with large scale fatigue experiments
performed on a similar ODS Eurofer 97 steel in [157]. This is exemplified in
Figure 42.
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Figure 42. Comparison of micro-fatigue (sample dimensions 4.7 um x 2.1 um x
23.9 um) and macroscopic fatigue cyclic stress-strain curves and maximum
stress values as a function of cycle number for similar ODS steels: PM 2000 in
the case of micro-fatigue and Eurofer 97 in the case of macroscopic fatigue. The
data strongly agrees. [156]
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Gripping-based micro-fatigue studies are well suited for in-situ investigations
involving low cycle fatigue testing because the nanoindentation systems often
experience drift issues after long periods of time in use and must be stopped and
corrected so that proper alignment is ensured. It is suggested that this method
be used for test plans where a few hundred cycles or less are desired at each
plastic strain amplitude in order to not compromise sample-gripper alignment
and to ensure testing is carried out in a timely fashion. A more robust, large,
specialized ex-situ micro-fatigue actuator was built in [158] in order to perform
a larger number of cycles, on the order of 2 x 105 cycles, on a Ni-P amorphous
alloy. An increased number of cycles with their mechanical properties is obtained
in a trade off with losing the ease of observing deformation mechanisms in real

time while performing the test in the SEM. Only post-test fracture surface images
can be obtained.

High cycle micro-fatigue testing vibrates the micro-cantilever using a resonant
frequency device such that the total deflection is precisely controlled. This
methodology allows for measuring the fatigue lifetimes of thin films/interfaces
by testing to > 108 cycles using an array of micro-cantilevers as demonstrated in
[159, 160]. Scanning the reflectivity of the thin layer to detect the damage front
and back calculations of stress states via FEM is required. Although this method
is somewhat indirect, it does allow for plotting high cycle lifetime diagrams
rapidly simply as the damage front position versus cycle number. Figure 43
illustrates the controlled frequency sweeping mechanism using a piezoelectric

actuator to produce the desired fatigue amplitudes.
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Figure 43. Controlled frequency sweeping mechanism, left, used to
measure the specific deflections of the vibrating cantilevers as a function of their
positions and a frequency sweep plot on the right indicating the resonant
frequencies producing maximum strain amplitudes of two tested cantilevers [160]
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High temperature micro-fatigue testing incurs the same challenges as other high
temperature SSMTs with regards to degradation of the bending apparatus and
oxidation of the specimens, maintaining a non-reactive atmosphere, and
eliminating specimen-indenter thermal drift. This has been achieved on the
model materials Si [161], CrN [162], and a candidate fusion reactor material, ion
irradiated tungsten [163] and shows promise for future advancement to more
nuclear materials with the increased availability of high temperature testing
systems.

2.9 In-Situ Transmission Electron Microscope (TEM) Tests

When the length scale of small scale mechanical testing (SSMT) is reduced from
the mini-scale (millimeters) and micro-scale (micrometers) down to the nano-
scale (nanometers), dislocation nucleation, multiplication, and movement can be
observed in real time as the specimens are deformed in the TEM. Because these
specimens are tens to a few hundred nanometers in thickness, they are clearly
in the size effect dominated area, meaning stress-states are clearly different from
those observed in the bulk. Making the link between quantitative mechanical
properties such as yield strength, ultimate tensile strength, ductility, and work
hardening rate becomes increasingly difficult. However, valuable information in
nuclear materials regarding deformation initiation and dislocation interaction
with radiation-induced defects such as dislocation loops and helium bubbles,
radiation effected grain boundaries, and radiation produced phases such as
zirconium hydrides can be learned. The propagation of deformation from the
onset of yielding up until failure can be tracked by simply watching it as it
happens. In-situ TEM mechanical studies can take the form of most SSMTs when
applied to nuclear materials.

In-situ TEM SSMTs were made possible by the design of a sample holder
compatible with widely used JEOL TEMs first reported by Wall and Dahmen
[164, 165] and adapted by Stach [166]. An independent three-axis inertial
positioner built by Bobji [167] was also effective in studying deformation
behaviors. The commercially available instrumentation is depicted in Figure 44.
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Figure 44. Commercially available in-situ TEM SSMT holders: (a) adapted version
of the initial design in [164, 165] and (b) JEOL holder [168]

In-situ TEM nanoindentation has been used to observe the onset of plasticity
[169-172], dislocation-grain boundary interactions in many materials [173]
including ones relevant to the nuclear industry like martensitic steel [174], and
in order to observe specific work hardening mechanisms [175]. This technique
has also been used to characterize the mechanical behavior of 50 nm sized
nanoparticles [176] and could be considered for similar investigations of oxide
dispersion strengthened (ODS) nano-oxides in nuclear alloys. The observation of
crack growth of composites in [177] could be performed on SiC/SiC nuclear
composites.

In-situ TEM nano-pillar compression testing has been performed on ion
irradiated specimens, most notably proton irradiated Cu [108] and helium
irradiated /implanted Cu [178, 179] and Fe [180] with success in both revealing
more about microstructural deformation and relative changes in mechanical
properties through their stress-strain curves. In the case of proton irradiated Cu,
a remarkable discovery was made; the size effect strengthened regime became
greatly reduced and all nanopillars with diameters greater than ~400 nm
exhibited the same yield strength in single-crystal (100) oriented Cu. The
increased density of radiation created defects reduces the size needed to cause
dislocation-defect interactions that reflect bulk like behavior [108]. In the case
of the irradiated iron nanopillar, helium bubbles form herring-bone-like
arrangements parallel to the {110} planes throughout the pillar [180]. Helium
irradiation of Cu nanopillars was found to cause the formation of a He bubble
superlattice and subsequent deformation revealed a twinning-like
transformation of this lattice as a competing deformation mechanism with more
traditional superlattice disordering via dislocation slip [179].
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In-situ TEM nano-tensile testing has investigated engineering alloys and both
helium implanted and self-ion irradiated materials: He implanted Cu [181] and
self-ion irradiated zirconium pressure tube alloys [182]. Nano-tensile testing has
been performed at both elevated and cryogenic temperatures. In the case of the
helium implanted Cu, during the tensile tests, the helium bubbles were observed
to first elongate and narrow. Then, if there was a low density of helium bubbles,
the bubbles were found to fragment into a few narrow bubbles and finally cleave
into many small spherical bubbles. This leaves a bubble-free channel for shear
localization to occur. If a high density of bubbles exists and the bubble spacing
is small, bubbles will tend to coalesce and form larger bubbles which ultimately
fail. This concept along with in-situ TEM evidence is presented in F1gure 45 [181].
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Figure 45. Schematic of deformation evolution in a material with high and low
bubble densities. (a) general dislocation-bubble interaction inducing bubble
cutting, (b) high bubble density specimen failing via bubble coalescence, (c) low
bubble density specimen failing via bubble fragmentation leading to a bubble
free channel where shear localization occurs. (d) in-situ TEM evidence of bubble
elongation and fragmentation [181]

In-situ tensile tests performed at elevated temperature, 350 °C, on self-ion
irradiated Zircaloy 4 in [182] observed the interactions between radiation
induced dislocation loops and mobile dislocations, revealing real time evidence
of dislocation pinning that could be matched with radiation hardening, and pre-
existing dislocation loops becoming incorporated into gliding dislocations and
eventually cleared out by larger dislocation channels. At the other end of the test
temperature range, in-situ tensile testing at cryogenic temperatures revealed
deformation-induced martensitic phase transformations in 304 SS via the
formation of stacking faults to e-martensite and through direct transformations
to a’-martensite [183].

Due to the complexities in both designing bending tests that accurately measure
mechanical properties and designing successful in-situ TEM experiments, in-
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situ TEM bending studies on engineering alloys relevant to the nuclear industry
are the rarest. One study has been performed to assess the fracture toughness
of a notched 100 nm thick metallic thin film by performing a crack opening test
on a doubly-fixed three-point bend specimen [184]. The experimental set up is
shown in Figure 46.

Fixation

Wedge Fixation
Indenter

Figure 46. TEM image depicting a three-point bend specimen tested in-situ
with its measureable dimensions labelled: P being applied load, L/ 2 half of the
bending span, b the ligament thickness, ao the initial crack length, and 6. the
crack tip opening displacement [184]

This methodology gives clear visibility of the crack tip as it is loaded and opens
and also allows for techniques like transmission EBSD in the TEM to be
performed between loading cycles. The crack tip opening displacement (CTOD)
can be measured via DIC software and used to calculate the stress intensity
factor, but corrections must be made for the fixed ends of the specimen and the
plasticity occurring during deformation.

3 Materials and Radiation Effects Theory
3.1 Nickel-Based Superalloys

Pure nickel is a silvery-white metal that forms a face-centered-cubic (fcc) crystal
lattice. Chemical, physical, as well as known mechanical properties of
conventional pure nickel can be found in Table 2 [185]. Elemental nickel (along
with iron and cobalt) forms the basis for a group of alloys that are high
temperature materials resistant to mechanical and chemical degradation up
until temperatures approaching their melting points known as superalloys [186].
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Table 2 Room Temperature Properties of Commercially Pure (99.6%) Ni

Atomic Number 28
Standard Atomic Weight 58.6934 amu
Density 8.89 g/cm3
Melting Point 1435-1446 °C
Thermal Conductivity 60.7 W/me°C
Bulk Tensile Strength 317 MPa
Total Elongation 30%
Young’s Modulus 207 GPa
Shear Modulus 76 GPa
Poisson’s Ratio 0.31
Hardness 800 MPa
Lattice Type Face-centered cubic (fcc)
Burgers vector 0.249 nm
Stacking fault energy 90 mJ/m?

High nickel content (usually = 70% Ni), fcc based superalloys have a y matrix
phase consisting of three main alloying elements: Ni, Cr, and Fe. A ternary phase
diagram highlighting the thermodynamically stable regions where Ni-based
superalloys form is shown in Figure 47 [187].
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Figure 47. Ni-Cr-Fe ternary phase diagram highlighting thermodynamically
stable Ni-based superalloys and their approximate chemical compositions [187]

In addition, a wide range of elements including Al, Ti, Nb, and Mo are soluble in
Ni, creating a large range of possibilities for solid-solution strengthening and
precipitation-hardening. The likelihood of these elements ending up in solution
as opposed to forming secondary precipitate phases can be predicted by
comparing their relative atomic sizes and electron vacancy numbers (Nv) to Ni.
All elements of importance composed in Ni-based superalloys and their common
places in the alloys are shown in Figure 48 [186].

Two possible ordered precipitate phases produce the most significant
contribution to the strengthening of nickel-based superalloys: y’ and y”. Alloys
containing these secondary precipitate phases maintain constant or increasing
yield strengths and creep resistances with increasing temperature up until 800
°C [186]. The ordered phase strengthening effects are a function of the volume
fraction and size distribution of the precipitate phase.

The y’ phase takes the stoichiometry NizX and forms a fine array of 5-20 nm
spherical coherent precipitates with an L1, ordered phase. The secondary
element X is either Ti or Al and occupies the cube corners of the fcc lattice,
whereas the Ni atoms occupy the face centers. Depictions of the y phase and y’
phase are given in Figure 49. There is a slight lattice mismatch of 0.5% between
the y-matrix and y’-precipitates, and Ti or Al solute aggregates can cause minor
solid-solution hardening, but the ordered structure is the major strengthening
feature [188]. Normal slip in fcc systems occurs along the family of {111} planes
in the set of <110> directions and has 12 pathways, but the ordered precipitates
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impede these pathways at an increasing rate at elevated temperatures. This is
because shear on the {111} planes creates an antiphase boundary (APB) since
there is a layer of misplaced atoms. Either a Ni atom is forced into the Al/Ti site
or an Al/Ti atom is forced into the Ni site. If slip were to avoid forming the APB
it would have to occur on {100} planes, but the activation energy for these slip
pathways is four times greater than normal {111}<110> slip occurring in the y-
matrix. This phase is thermodynamically stable up to 800 °C after which it
transforms into a n-hcp phase if overaged at elevated temperatures.
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Figure 48. Important elements in Ni-based superalloys and their places within
the alloys [186]
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Figure 49. Unit lattice for y-matrix (left), y’-precipitate (center) and y’-precipitate
phases (right) in Ni-based superalloys

If Nb is included as an alloying element in the Ni-based superalloy, the y” semi-
coherent, ordered phase taking the stoichiometry NizNb can be produced in the
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form of body centered tetragonal (BCT) discs. These 60 nm x 10 nm discs arrange
themselves such that their (001) plane is parallel to the {001} family of planes in
the y-matrix and their [100] direction is parallel to a set of <100> directions in
the y-matrix. Order hardening occurs in a similar fashion to y’ and coherency
strain hardening also exists due to the larger lattice mismatch between the BCT
and FCC phases. This phase is thermodynamically stable up to 650 °C after
which it transforms into a 6-orthorhombic phase if overaged at elevated
temperatures and is pictured at the right of Figure 49.

The overaged n and 6 precipitates do not strengthen the alloys because they have
lost coherency, are much larger, and do not exist in high density. However, when
segregated to grain boundaries in limited amounts, they restrict grain growth,
but ultimately as brittle, needle-shaped inclusions are detrimental to the
mechanical properties.

Carbides frequently nucleate on the grain boundaries of Ni-based superalloys
during heat treatments, and they are effective for very high temperature turbine
blade applications because they prevent the grain boundaries from sliding and
the grain size from increasing [186]. However, they may enhance stress corrosion
cracking (SCC) issues and are unwanted in nuclear applications [186]. Borides
operate in a similar fashion but are even more detrimental in irradiated materials
in causing high temperature stress corrosion cracking (HTSCC) and low
temperature crack propagation (LTCP) at concentrations larger than 20 wt ppm
[189]. Because boron-10 comprises 20% of all boron isotopes and has an
extremely high affinity for thermal neutrons, transmutation effects produce
helium and lithium through the reaction

¥R +n - ILi+ 3He (69)

that degrade the fracture toughness of the superalloy and increase its SCC rates.
Because boron is a trace element, less than 100 appm He is produced in most
superalloys.

Five generic heat treatments are used to create the desire microstructure of a
specific Ni-based superalloy:

1. Homogenization: A heat treatment close to the melting temperature
of the alloy (~1400 °C) that diffuses out gross solidification
microchemical gradients and brings carbides into solution.

2. Solution Anneal (SA): A heat treatment between 890 °C and 1100 °C
used to bring secondary ordered strengthening phases into solution
but precipitate out some carbides on grain boundaries.

3. Direct Age (DA): Hot working and immediate ageing at 704-746 °C
to precipitate out the ordered strengthening phases
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4. Single Step Ageing: Single ageing treatment at 704-746 °C following
a SA.

5. Double Step Ageing: A two-step ageing treatment after the SA. The
first step occurs at 885 °C to improve the alloy’s stress rupture
properties by precipitating out grain boundary carbides to limit
grain boundary sliding. The second step at 704-746 °C precipitates
out the ordered strengthening phases.

Specific thermo-mechanical treatments and cooling rates control each alloy’s
phase stability and transformation kinetics and determine the shape, size, and
spacing of the strengthening nanoprecipitates, which ultimately determine high
temperature creep and yielding properties [190].

3.2 Nickel-Based Superalloys in Nuclear Reactors

Nickel based alloys provide excellent strength and ductility [196, 197], corrosion
resistance at elevated temperatures [196, 197], and good creep properties [198]
beneficial for use in nuclear power systems. In LWRs, this has led to their use
as reactor internal structural components, including fasteners (bolts) [199],
centering pins [200], jet pump restraints [201], and tie-rods and cladding for
absorber rods [202, 203]. Currently, these components are either used in fuel
assemblies that are limited to less than six years of in-core service [204], or they
exist as peripheral components operating for the lifetime of the reactor. Thus,
doses to these components remain limited, and the only reported evidence of
failure in-service occurred in in the late 1980s in Inconel X-750 bolts that
ruptured as a result of intergranular stress corrosion cracking (IGSCC) after
approximately 11.5 years in the French Chooz PWR [199]. This failure was
attributed to a poor heat treatment, and the bolts were replaced with new ones
which underwent an improved two-stage heat treatment similar to the one
described in Table 4 in order to promote homogeneous carbide precipitation in
grain boundaries and homogeneous y’ distribution that resists IGSCC.

In addition, Inconel 600 and 690 are the most common steam generator
materials [205], and they are highly susceptible to SCC and irradiation assisted
SCC (IASCC). The initiation of SCC in nickel based alloys involves an incubation
period dependent on temperature, residual stresses in the components left by
fabrication processes, and material susceptibility in its operating environment
[206]. Coolant hydrogen concentration and temperature play a strong role in
determining the maximum possible SCC susceptibility of a given material [207,
208]. Inconel 690 resists high temperature corrosion effects more than Inconel
600 due to its higher Cr content, and in general heat treatments that can
homogeneously distribute Cr near grain boundaries are preferred since Cr
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depletion at grain boundaries sensitizes them to corrosive attacks [209-211].
These heat treatments usually involve a high temperature SA followed by a lower
temperature ageing step much like in Table 4.

Alloy 800 has been used as steam generator tubing in CANDU as well as German
PWRs with relatively good success to date. Despite a large number of operating
years accumulated on the components, degradation has seldom been reported,
although a recent ageing study has detected boron precipitation on grain
boundaries that requires further investigation in order to determine its impact
on tube integrity [212].

High temperature, primary water effects on SCC have also been well documented
in [213], and for Alloy 600, it again proves crucial to perform a secondary heat
treatment at 700-750 °C for 10+ hours after SA in order to mitigate these effects
because it has a Ni content above 70%, making it most susceptible. The influence
of Ni content in the alloy on SCC susceptibility can be seen in Figure 50.
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Figure 50. The influence of Ni content on susceptibility to SCC in alloys stressed
slightly above their yield point in 350 °C water. Ni-based superalloys used in
nuclear reactors are marked in red. [213]

Nickel-based superalloys have also been considered in future generation IV
concepts because of their superior high temperature strength and general
corrosion resistance [214]. In addition, Ni-based superalloys with intermediate
Ni contents are resistant to swelling, even at doses past 100 dpa of neutron
irradiation, as shown in Figure 51 [215].
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Figure 51. Swelling behavior of Fe-Cr-Ni alloys irradiated past 100 dpa with
neutrons [215]

These properties make Ni-based alloys (Ni content ~35-55%) ideal for use in the
supercritical water reactor (SCWR) where thermal neutron flux/fluence is low
and keeps helium production at a minimum such that corrosion and swelling
are the major degradation issues.

However, there is a lack of information on high dose effects and helium
embrittlement caused by high thermal neutron fluxes at lower temperature
ranges relevant to generation IV designs, 300-550 °C because most data has
been obtained from neutron irradiations in fast breeder reactors in order to
achieve high dose. This radiation environment is not representative of Ni-alloys
that would be in-service in high thermal neutron fluxes and incur significant
helium production in their lifetimes.

Another study on Alloy 617 and Alloy 800H performed at irradiation and test
temperatures between 580-700 °C up to 1.5 dpa in the High Flux Isotope Reactor
(HFIR) revealed significant ductility losses in Alloy 800H, although for Alloy 617
it retained around 10% total elongation. In both cases, radiation strengthening
of the alloys occurred. [216]

The precipitation hardened Ni-based superalloys Nimonic PE-16 and Inconel 706
have also seen use in sodium cooled fast reactors in the UK and US [217] because
of their strength, creep resistance, and lower swelling rates compared with other
structural alloys. Helium embrittlement caused by transmutations producing
large quantities of helium and phase instability are the two major issues of
concern in this system [214, 218]|. Hastelloy N, another Ni-based alloy, is
considered the primary candidate for the structural material that will be the
primary loop of the molten salt reactor (MSR) because of its chemical
compatibility with molten fluoride salts [219, 220].
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The internals, piping, and heat exchangers proposed for high-temperature gas
cooled reactors (HTGR) are also Ni-based superalloys, Inconel 617 for operation
temperatures up to 950 °C and Incoloy 800H for temperatures up to 850 °C [221]
because of their excellent high temperature properties, and a database has been
developed for both alloys [221, 222]. Hastelloy XR is also being developed for
HTGR applications. For all Ni-based alloys operating in a high temperature
helium gas environment, impurities in the He gas creating corrosion issues have
been of primary concern, and secondary issues concerning thermal ageing have
arisen [223-225].

3.2.1 Inconel X-750 in CANDU Reactors

Inconel superalloy components in currently operating CANDU reactors consist
of cable sheathing and core wires in flux detector assembles and tensioning
springs for reactivity control systems that reside at the core periphery as well as
fuel channel annulus spacers in the core that maintain an insulating gap
between the hot Zr-2.5% Nb pressure tube and the cool Zircalloy-2 calandria
tube. Figure 52 illustrates the CANDU reactor core and periphery and points out
these components.
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Figure 52. A schematic diagram illustrating the locations of the three activated
Inconel superalloy components in CANDU reactors

There are between 380 and 480 horizontal fuel channels that comprise the
CANDU core, and four spacers separated by approximately 1 m span the length
of each fuel channel between fuel inlet and outlet positions. In total, between
1520 and 1920 Inconel X-750 spacers are in service in each CANDU reactor.
Pictures of a garter spring positioned for service, and a picture through the hot
cell of springs in service can be seen in Figure 53. In-service components roll
along the length of the pressure tube because it expands during operation; they
sometimes end up overlapping as seen in Figure 53b.
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(b)

Pressure Tube

Figure 53. Inconel X-750 annulus spacer (a) positioned for service in a fuel
channel and (b) in-service photo in the hot cell

Two different spring designs exist. The non-optimized springs have a tighter
pitch, meaning the coils are spaced closer to one another, and are coiled from a
heavier gauge wire (1 mm x 1 mm cross-section). The optimized springs have a
looser pitch, meaning the coils are a bit more spaced out, and are coiled from a
lighter gauge wire (0.7 mm x 0.7 mm cross-section). However, both designs seen
in Figure 54 come from Inconel X-750 processed with the same chemical
composition and heat treatments found in Table 4.

Figure 54. (a) non-optimized and (b) optimized Inconel X-750 CANDU spacers

Each design has a hooked end designed to sit at the top of the pressure tube as
seen in Figure 53a and Figure 54, and a Zr girdle wire runs through the center
of the coil as can be seen in Figure 54b. All spacers operate in a dry carbon
dioxide gas environment. Noticeable temperature and flux differences exist in the
axial direction within an individual fuel channel. Spacers at the center of the
channel experience the highest neutron flux and operating temperature, whereas
spacers close to the inlet and outlet experience the lowest neutron flux and
operating temperature. The neutron flux and temperature profile of the
components in operation can be seen in Figure 55.
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Figure 55. Exemplary flux and temperature profile in a CANDU fuel channel

After time in-service, due to the combined weight of the fuel bundle and heavy
water coolant, the pressure tube creeps and sags with respect to the calandria
tube, “pinching” the spacer between the hot pressure tube and cool calandria
tube [197, 226-233]. This creates a circumferential temperature variation
around the spacer where the pinched material (6 o’clock position) operates at
120-280 °C and the non-pinched material (12 o’clock position) operates at 302-
306 °C. Variability in the pinched material results from local contact points at
the bottom of the fuel channel; locations in direct contact with the pressure tube
operate close to the higher bound temperature, 280 °C, and locations in direct
contact with the calandria tube operate close to the lower bound temperature,
105 °C. Because the pressure tube moves in-service, this creates more
uncertainty in the exact operating temperature since the springs are designed to
roll along the length axis of the tube and accommodate axial expansion. Figure
S56a shows the circumferential temperature profile and Figure 56b shows the
temperature gradients within the pinched and non-pinched regions.
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Figure 56. (a) Circumferential temperature profile of Inconel X-750 spacer in
service (b) temperature gradients in non-pinched and pinched regions
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It is crucial that these spacers maintain their load bearing capacities for the
lifetime duration of reactor operation because they prevent hydride blistering
that would otherwise occur if the hot pressure tube and cold calandria tube were
to contact one another. If hydride blistering were to occur with the hot and cold
legs in contact, pressure tube rupture could result, leading to a local loss of
coolant accident (LOCA).

3.3 Radiation Damage Basics

Structural materials of a nuclear reactor including fuel cladding, core internals,
the reactor pressure tube/vessel, and supporting framework are predominantly
metal components, so the focus of radiation damage will be centered on the effect
of ionizing radiation on metals with crystallography.

Displacement Damage

Energetic particles emitted either from nuclear reactions, such as nuclear
fission, or ion accelerators with sufficiently high energy interact with structural
materials via ionization and electronic stopping through Coulombic interactions
above a threshold energy, E.. Below this threshold energy, direct collisions
between the energetic particle and an atom in the matrix lattice occur until the
particle loses so much energy that it is below the displacement energy, Ea.
During these collisions, the atoms displaced from their original lattice sites may
also gain sufficient energy to cause further displacements, resulting in a
displacement damage cascade, shown in Figure 57.
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Figure 57. (a) Original displacement spike model [234], (b) more detailed
qualitative depiction of a displacement cascade highlighting interacting particles
and point defects, (c) modern molecular dynamics simulation of the time evolution
of a displacement cascade in pure, single-crystal copper at 290 °C. Defect
quantities reach a maximum at ~0.1 ps before recombining and stabilizing after
~10 ps [235]

In this case, the initially displaced matrix atom, the primary knock-on atom
(PKA), displaces a secondary atom in the matrix. This atom becomes a secondary
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knock-on atom and may displace a tertiary knock-on atom and so on until the
amount of energy dissipated causes all displaced atoms to have energies below
the energy needed to overcome the energy barrier that holds an atom in place in
the lattice. At low energies below Eg4 the displaced atoms do not displace any
more atoms and either fill a pre-existing vacancy in a lattice site or become an
interstitial point defect in the material. Pre-existing vacant lattice sites exist due
to thermal agitations of the crystal that allow atoms to overcome their energy
barriers and become kicked out of a lattice site. Each material has a pre-existing
equilibrium vacancy concentration at any given temperature, but in the presence
of radiation, due to displacement cascades, excess point defects (vacancies and
interstitials) are created. When a collision produces both an interstitial atom
displaced from its lattice site along with that vacant lattice site, these two
coupled defects are referred to as a Frenkel pair. In order to become a
substitutional atom and occupy a lattice site, the atom must have a similar
atomic radius (= 15% difference), produce a similar crystal structure when
combined with atoms the same as itself, and have a similar number of valence
electrons and electronegativity.

The common metric used to quantify radiation damage is displacements per
atom (dpa). Radiation damage equal to one displacement per atom means that
every atom in the irradiated material has been displaced from its original lattice
site one time. The simplest model used to calculate the number of displacements
caused by a displacement cascade, v, is the Kinchin-Pease model [236]. This
model is based on binary elastic collisions that employ classical mechanics,
namely the conservation of momentum and kinetic energy. An energetic particle
with mass M; and velocity v;o impacts a stationary particle in the lattice with
mass Mo. After the collision, the particles exit at angles @1 and @2 with velocities
vir and veor. This description depicted in Figure 58a explains things from the
laboratory reference frame. When things are transformed to the center of mass
(CM) reference frame shown in Figure S58b, the equations become more
simplified. The CM has the equivalent mass of the whole system M; + M», and
from conservation of momentum, the CM velocity is given as:

V1o (70)

1
Vey = ——
CM ™y +M,

Considering a time well before the collision and a time well after the collision and
applying conservation of both momentum and energy:

Mjuqg + Mauyy = Myugp + Mauype (71)
M1u102 + Mzuzo2 = M1u1F2 + Mzuzzr2 (72)

In the CM frame, the initial velocities are given as:
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U190 = V1o — VUcm (73)
Uz0 = Uem (74)
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Figure 58. Elastic collision scattering process in the (a) laboratory reference frame
and (b) center of mass reference frame, (c) vector diagram relating the parameters
from the two reference frames after the collision

Because (71) and (72) must be satisfied,
Usf = Ugg = Vig — Vem (75)

Uzr = Uz0 = Ve (76)
Following Figure 62c, the final velocities can be written as:

Vip = Uyp + Vey (77)

Vo = Uyp + Veym (78)
By using the law of cosines:

Vap? = Vey? + Upp? — 2V UypCOSO (79)

and then substituting (76) into (79):

Vo2 = 2vcy 2 (1 — cos)  (80)

Multiplying both sides by M2/2 and substituting for v¢y, the kinetic energy of
the impacted particle can be expressed as a function of the incident particle

2My M,
(M1+M3)?2

Eio(1— cosB) (81)

Eyr =
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This expression can then be further simplified. The incident particle energy E;io
will be denoted E, the energy transferred to the impacted particle E,r expressed
as T, and the pre-factor mass ratio as A, given by:

_aMyM,
(M1+M3)?

(82)
The simplified energy transfer equation is:
T ="(1-cosf)  (83)
A head on collision (0 = 180°) will transfer the maximum amount of energy:
Tmax = AE  (84)

and considering all possible collisions, the average energy transfer will be Tma/2
or AE/2.

The rate of atomic displacements, R4, meaning the number of atomic collisions
per unit time per unit volume, can be calculated as the product of the atomic
density of the material, N, scattering cross-section which is a function of energy,
o04(E), and flux of the incident energetic particles, @(E):

R4(E) = Nog(E)p(E) (85)

The standard radiation damage unit, dpa, then arrives by dividing the collision
rate by the atomic density of the material and multiplying by the irradiation time,
t.

dpa = “£2° (86)

In order to consider the impact of the full neutron energy flux spectrum occurring
in a reactor, all neutron energies that displace atoms must be included to
determine a total neutron irradiation displacement damage dose. Neutrons in a
reactor will have a maximum energy, Emax, and the minimal energy a neutron
must have in order to displace an atom from its lattice site is Eq/A. Therefore,
the total dpa in reactor is:

dpa = t [ 64(E)p(En) dE,  (87)

The total scattering cross section, od;(E,), can be expressed by adding all
displacements caused by PKAs (Eq4 < E < AEnq) and incorporating the probability
of interaction of the neutron to create the energetic PKA through a differential
energy transfer cross section, ¢, (E,, T) as:

AE, max

0q(Ey) = fEd 0 (En, T) v(T)dT (88)
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The Kinchin-Pease (KP) models assumes all collisions are elastic and uses the
hard sphere model, considers all PKA energies above the threshold energy, E., to
only dissipate energy through electronic stopping and Coulombic interactions
that strip off electrons from matrix atoms without generating any atomic
displacements, and ignores the crystal structure of the material being irradiated.
In addition, point defect annihilation is not considered. Thus the number of
displacements as a function of energy transferred in the Kinchin-Pease model is
given by:

(0 T< E,
I 1 Egq<T<2E4
u(T) = 4% 2E4<T<E, (89)
|
L T> E,
2Eg4

Using (89) and knowing the energy spectrum of the neutrons in reactor, and
cross-sections and displacement energy of the irradiated material, displacement
damage can be quantified in terms of dpa. More advanced methods to calculate
the number of displacements from collisions, v(T), have been developed by
Lindhard [237], Thompson and Wright (TW) [238], and Norgett, Robinson, and
Torres (NRT) [239]. Figure 59 adapted from [240, 24 1] shows a comparison of the
various models. The more advanced models depart from the hard sphere model
and consider highly energetic interactions that cause displacements and more
smooth transitions between the electronic stopping and nuclear stopping regime
based on weighted damage efficiencies as functions of particle energy and atomic
number.
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Figure 59. Illustrations of the number of displacements produced as a function of
the energy transferred to the PKA: (a) Kinchin-Pease model compared to Lindhard
model [240], (b) Kinchin-Pease model compared to Thompson-Wright, and NRT
models [241]

A prominent computer modelling code called The Stopping and Range of Ions in
Matter (SRIM) [242] uses Monte Carlo techniques to trace the collisions of an
incident high energy particle through a solid, so that displacement damage (dpa)
can be calculated as a function of particle penetration depth. The program begins
with selecting an ion projectile of known density and energy and a target
material. The ion travels through a free flight path between two large scattering
angle collisions while the code tracks angular deviations of grazing collisions.
After a small angle collision, the new energy of the projectile is calculated as

E' = Eo — Tsmau — Eion (90)

where E’is the remaining energy of the projectile, Tsman is the energy transferred
in small angle collisions, and E;,, is the ionization energy losses from electronic
stopping of the target atoms given as

Eion = k\/E (91)

where k is a material constant of the target. The energy transferred during a
large angle collision, T, is also calculated along with the new projectile energy E”’
using a Monte Carlo impact parameter, the classical scattering integral (88), and
the universal interatomic potential to determine the scattering angle 6. The
energy transferred is then calculated using (83) and the new projectile energy is

E'"=E —-T (92)

After a large angle collision, there are two paths that can be taken in SRIM. The
first faster path uses a quick calculation employing standard defect production
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theory and the NRT model to determine the total number of displacements
(vacancies) produced. The slow path follows the full damage cascade and traces
the recoil atoms and the secondary displacements they produce and iterates
until all recoil atoms have energies lower than the target displacement energy
and no further displacements will occur. Both pathways follow the injected

projectile until its energy is below % and it can no longer displace target atoms.

The method is repeated for as many initial projectile atoms as is selected by the
user. [243]

Although the initial impact of a high energy neutron or ion creates a
displacement cascade, the generated Frenkel pairs are clustered in a small
region as seen in Figure 57c. Also seen in Figure 57c, after a short period of time,
over 90% of the initial Frenkel pairs are annihilated as a vacancy finds a self-
interstitial. However, the remaining point defects that do not recombine evolve;
vacancies coalesce into small clusters which can turn into stacking fault
tetrahedron (SFT) in fcc metals and nanovoids in bcc metals. If the clusters grow,
larger voids or cavities result. Remaining interstitials coalesce into dislocation
loops. The evolution of these surviving residual point defects and extended
defects is responsible along with radiation induced/enhanced diffusion,
precipitation, and segregation is responsible for mechanical properties effects
such as radiation hardening and embrittlement, creep, swelling, and /or physical
properties changes. The specific radiation damage effects most pertinent to
Inconel X-750 components will be discussed in more detail in subsequent
sections.

Transmutation

In special cases, the incident energetic particle, in most cases a neutron,
interacts with a target atom that has a high affinity for it, a large absorption
cross-section, and a nuclear reaction occurs. In one case, the nucleus of the
target atom becomes energized and it emits a gamma ray when it returns to its
ground state. In other cases, the energetic particle will be absorbed by the target
nucleus and transmute into a different element and/or isotope. When this
occurs, a second energetic particle (electron, positron, proton, or alpha particle)
is also emitted with significant energy capable of causing additional
displacement damage through collisions with lattice atoms.

If the transmutation reaction emits a proton or alpha particle, these particles
will quickly capture electrons from the surrounding metal matrix and become
hydrogen and helium. Both are known to have significant effects on the
mechanical properties of nuclear structural materials. Although in many cases
hydrogen easily escapes materials, helium is completely insoluble in metals and
forms bubbles which alter the microstructure of the material and compromise
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its mechanical properties. Nuclear transmutation reactions are prominent in
nickel superalloys which have a high affinity for thermal neutrons, and (n,p) and
(n,a) reactions will greatly enhance the materials displacement damage as well
as cause radiation embrittlement and additional mechanical properties effects
which will be discussed in further detail in the subsequent sections of this
chapter for the Inconel X-750 garter spring components.

3.3.1 Radiation Damage in the CANDU Core

The neutron flux spectrum in CANDU reactor cores is much higher in the
thermal and epi-thermal energy regime and slightly lower in the fast energy
regime compared to light water reactor (LWR) core averages, seen in Figure 60
[197]. Maximum fast neutron fluxes, E, > 1 MeV, within CANDU fuel assemblies
are on the order of 4 x 1013 n/cm?2/s. Each fuel bundle is contained in its own
pressurized tube, so fast fission neutrons emitted by the fuel rods can interact
first with uranium and oxygen atoms in the fuel itself, second in the heavy water
D20 coolant, third in the Zr-2.5Nb pressure tube, fourth in the Inconel X-750
annulus spacer, and last with the Zircaloy-2 calandria tube moving radially
outward within the CANDU core. If a neutron collides only once with any
structure within the fuel channel, subsequent collisions will almost always occur
within the heavy water coolant as the neutron is moderated down to thermal
energies. Therefore, an increased number of thermal neutrons will interact with
Inconel X-750 spacers compared to fast neutrons. The total thermal neutron flux
impinged on an annulus spacer averaged over all locations within the CANDU
core is ~1.4 x 104 n/cm?/s.
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Figure 60. Neutron flux spectra seen by an Inconel X-750 spacer compared to
that seen in an average PWR core [197]
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The primary source of core displacement damage usually comes from fast
neutrons colliding with core component atoms and producing displacement
cascades, but due to the high thermal neutron flux in CANDU cores and the
positioning of the spacers, indirect thermal neutron displacement damage via
transmutation reactions with the nickel atoms in Inconel X-750 contributes an
impactful quantity of displacement damage. This indirect thermal neutron
displacement damage comes primarily from the recoil of the nucleus and
secondarily from collisions of the emitted p and a particles with other matrix
atoms.

3.3.1.1 Fast Neutron Damage

Direct collisions between fast neutrons and atoms in garter spring Inconel X-750
spacers (70% nickel atoms) generate displacement cascades because they greatly
exceed the threshold energies needed to remove an atom from its lattice site. The
displacement energy of Ni atoms is 23 eV < Eqni < 40 eV [244].

The minimum neutron energy needed to displace a Ni atom from its lattice, given
by AEani, is between 347 eV and 603 eV. When neutrons within this energy range
displace a Ni atom, that Ni atom will then have a recoil energy approximately
equal to its displacement energy, just enough to create one PKA. Neutrons with
greater energies can create PKAs even at glancing angle collisions, but neutrons
with energies below this range cannot displace a Ni atom but instead only cause
it to vibrate within its lattice site and emit phonons.

High energy fast neutrons create displacement cascades and high energy PKAs
above the Coulomb energy, E. of the ionized atom. These highly energetic,
charged PKAs are predominantly slowed by electronic stopping and produce heat
before they collide with many more nearby nuclei that also recoil and make
secondary collisions. Cascades have the potential to displace hundreds of atoms
if the initial neutron energy is in the MeV range. The transfer of energy occurs in
the initial 10-¢ ps. Then, the PKA begins slowing down in the first 0.2 ps. This is
the time period when the maximum number of point defects exists and is referred
to as the cascade efficiency. A thermal spike is observed between 0.2-3.0 ps
where internal electrical forces among defects and interstitial diffusion can be
enhanced such that mobile interstitials find nearby lattice vacancies and
annihilate. Within 3-10 ps the region where the cascade occurs begins cooling
down to the bulk solid temperature as thermally enhanced recombination
lessens but still continues. After 10 ps has passed, further migration and
recombination of the newly created point defects can occur, but this
microstructural evolution now becomes a function of steady-state parameters:
irradiation temperature, point defect migration energy, defect sink strength, and
the fraction of defects free for long-range migration. This steady-state

microstructural evolution leads to long term radiation effects.
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Irradiation temperature is a key parameter in determining whether long term
point defects evolve in a recombination-dominated environment or a sink-
dominated environment. Recombination is favored at low reactor operating
temperatures or when pre-existing point defect sinks exist in the material at high
densities. This is the recombination-dominated regime. When reactor
temperatures are high enough during normal operating conditions, individual
interstitials and vacancies born during displacement cascades have the
opportunity to migrate to separate defect sinks in the material such as grain
boundaries and inclusions. In this case, the microstructure continually evolves
and the material is considered to be in a sink-dominated regime.

The initial neutron energies, which span approximately 11 orders of magnitude
(0.0001 eV-10 MeV) as shown in Figure 60, control how much accumulated
radiation damage is created. Each location within the CANDU core has a slightly
different percentage of neutrons within each energy group, but using an average
CANDU fuel channel power profile, it can be estimated that Inconel X-750
spacers receive 1 dpa/year in service from fast neutrons. Because they remain
in service for 25-30 years before planned refurbishment, they will receive 25-30
dpa from fast neutrons in their lifetime in the reactor. However, this fast neutron
damage is not the total displacement damage or the only type of radiation
damage seen by the components before they reach their end of life.

3.3.1.2 Thermal Neutron Damage: (n,p) and (n,a) Transmutations

The Inconel X-750 components contain 70 wt% Ni atoms, and 68% of these Ni
atoms are °8Ni. The 58Ni isotope has a high affinity for absorbing thermal
neutrons and then emitting a gamma ray, meaning it has a large thermal (n,y)
reaction cross-section (Figure 65). The resultant °°Ni isotope will reach a
maximum concentration of ~4% of the °8Ni concentration after it has been
exposed to thermal neutrons in the CANDU core for 5-10 years depending on its
position [245, 246]. This will occur in thermal neutron fluences (E, < 0.5 eV) of
approximately ~3.5 x 1022 n/m? [245], whereas all naturally occurring isotopes
of other energineering alloys only have significant neutron reaction cross-
sections under fast neutron fluence. Naturally occurring °Ni only exists in trace
amounts and is a long-lived cosmogenic radionuclide with ti,2 = 76,000 years. It
decays by an electron capture (EC) reaction to cobalt-59, a stable isotope:

SaNi+e™ - 32Co+v,- (93)

However, in a reactor environment, 5°Ni has a high probability of absorbing a
thermal neutron and producing hydrogen and helium via (n,p) and (n,q)
reactions (Figure 61), leading to enhanced atomic displacement damage, mostly
from recoils of the heavier nucleus with minor contributions from energetic p
and a particles, in addition to large amounts of H and He gas production. Once
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the concentration of *°Ni has reached its maximum in the CANDU core, the
radiation damage produced per neutron caused by thermal neutrons can exceed
the radiation damage caused by fast neutrons (Figure 66). Table 3 provides the
59Ni transmutation reactions along with the average number of displacements
each reaction produces and the thermal neutron cross-section of >°Ni for each
reaction.

Table 3. 58Ni and 5°Ni transmutation reactions and their associated 0a-n
and displacement damage

Ni transmutation reactions: # Displacements [247,248] O, (barns) [231]
*Ni+n — *°Ni+vy 100
**Ni + n — *°Fe + *He 1762 50
Ni+n—%*Co+H 222 5
*?Ni+n — °Ni+y 5 100

The (n,a) reaction creates the largest amount of displacement damage (total
damage energy 176.2 keV) and has a high cross-section over a range of neutron
energies as shown in Figure 61. The 5°Ni effect will be the most significant
contribution to radiation damage in Inconel X-750 components (~35 dpa after
25 years of service) as shown in Figure 62 because the thermal neutron flux is
high everywhere in the CANDU core. Direct collisions from neutrons with
E, > 600 eV contribute ~25 dpa in 25 years of service.
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Figure 61. Thermal neutron absorption cross-sections for all three possible
transmutation reactions involving °8Ni and >°Ni. The >°Ni cross-sections have
been scaled according to their relative maximum concentration in the CANDU

core, 4%. [197]
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Figure 62. Total displacement damage and the contributions from each reaction
for Inconel X-750 using the neutron flux of an average fuel bundle [226]

3.3.1.3 Point Defects

Inconel X-750 components operate under two distinct irradiation temperatures,
Tpinchea = 120-280 °C and Thonpinched = 300-330 °C. Irradiation responses are highly
dependent on the mobility of newly created vacancies and interstitials, which is
strongly influenced by irradiation temperature. Using rate theory point defect
concentration equations for vacancies, C,, and self-interstitials, C;
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ac, ‘
—2 = G, — RGC, - Dvaz S, (94)
=1

aC; -
E= Gi_RCin_DiCiZSij (95)
j=1

the flux of point defects to pre-existing defect sinks in the component can be
calculated. The variables in the point defect equations are defined as follows. The
total point defect generation rates, G, from both displacement cascades and
transmutations are given by:

G=fk(l—¢e)+Gr (96)

where fis the in-cascade recombination survival fraction, k is the dpa rate, ¢ is
the clustering fraction, and G is the thermal neutron generation rate. The long-
term recombination rate parameter, R, is a function of the recombination radius,
1o, and point defect diffusion coefficients, D; and D,, and is given as:

R = 4nr,(D; + D,) (97)

The sink strength of a pre-existing sink such as a dislocation, grain boundary,
cavity, void, or inclusion, is denoted S; for interstitials and S, for vacancies.
Typical Inconel X-750 garter springs have a dislocation density ~3 x 1014 m-2
[228] and equiaxed grains that average 8.5 pm in diameter. Using this pre-
existing microstructure, and knowing the vacancy migration energy in nickel is
between 1 eV [249] and 1.4 eV [250], calculations can be made to plot the flux of
point defects to selected defect sinks as illustrated in Figure 63.
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Figure 63. Calculated point defect flux to dislocations at the onset of irradiation
using defect sink strengths of 4 x 1014 for dislocations, 2.4 x 1013 for grain
boundaries, a 30% interstitial bias for dislocations and a dpa rate in CANDU
reactors of k = 107 dpa/'s, and a 10% in-cascade survival rate [249, 250]
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When considering a freely-migrating point defect density towards the higher end
of the range, the pinched material at the 6 o’clock position falls into a
recombination dominated regime, whereas the non-pinched material comprising
most of the rest of the spring falls into a sink dominated regime. Figure 67
illustrates the fact that the temperature range within the garter springs most
likely encompasses the transition expected between complete recombination and
complete absorption by pre-existing sinks. As the microstructure of the
component evolves with dose and time, the transition region may shift, and the
net point defect flux to sinks will vary because new defect sinks are being born
and existing defect sinks are changing.

TEM observations of the microstructures of the high dose materials irradiated at
the two irradiation temperatures shown in Figure 64 [229] are in good agreement
with the red curve in Figure 64. The microstructures appear much cleaner in the
pinched components, providing evidence of recombination, but the
microstructure of the non-pinched components appears littered with a higher
density of defects.

Low T (105-277 °C) High T (300 °C)

Figure 64. TEM images of the dislocation defect structures of Inconel X-750
components irradiated to 55 dpa containing 1.8 at% He. [229]

3.3.1.4 Helium and Hydrogen Gas Production

Displacement damage and point defect evolution is not the only contribution to
radiation effects that alter the mechanical properties and microstructure of
Inconel X-750 annulus spacers. As previously noted, (n,p) and (n,a) two-step
transmutations produce significant quantities of hydrogen and helium gas over
the course of a spacer’s lifetime. Hydrogen is soluble and extremely mobile as an
interstitial, but helium is completely insoluble. Helium atoms will find small
vacancy clusters or pre-existing defect sinks such as dislocations, grain
boundaries, and matrix-carbide interfaces, and bubbles will nucleate and grow.
This process accelerates the onset of void swelling and may contribute to grain
boundary embrittlement [227, 251-264].
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Figure 61 depicting the neutron absorption cross-sections as a function of energy
reveals that helium production is favored when thermal and slow neutrons
interact with Ni atoms, whereas hydrogen production is favored when fast
neutrons more energetic than 1 MeV interact with the material. Formulas for
calculating the amounts of hydrogen and helium produced from the two-step
transmutation reactions shown in Table 3 have been developed by Greenwood in
[248] using the ENDF library [265] as a cross-section database:

—oy ot —oypt

Ny _% + ope 7Y __ gyope y (98)
No-sgy;  OT Oy—0r or(oy—or)
—ov ot —-oyPt

Nye — ﬁ + ggqe yP _ Oy0ge y (99)
No-sgy;  OT 0y—0r or(oy—or)

The parameters are as follows: Ny is the number of hydrogen atoms produced,
Ny, is the number of helium atoms produced, N,_sg,, is the initial number of 8Ni
atoms in the Inconel X-750 component, o, is the spectral averaged (n,a) cross-
section, g, is the spectral averaged (n,p) cross-section, or is the total absorption
cross-section of >Ni, g, is the spectral averaged (n,y) cross-section, @ is the total
neutron flux, and tis the total irradiation time.

Greenwood’s gas production equations indicate that when the neutron spectrum
is heavily thermal as is the case in a CANDU core, 3°Ni is quickly produced from
58Ni and subsequent H and He gas will be produced in a non-linear fashion as
the concentration of %Ni increases to its maximum of 4% after between 5 to 10
years of time in service. When the amount of 5°Ni has already reached its stable
maximum concentration, gas production continues in a linear fashion. More
helium will be produced in predominantly thermal neutron spectrums, whereas
more hydrogen will be produced in predominantly fast neutron spectrums. A
mixed spectra environment will produce elevated levels of both H and He. Figure
65 plots the calculated H and He gas along with the total displacement damage
for an Inconel X-750 spacer in a high power channel of a CANDU-6 reactor at
full power assuming a mid-burn-up flux spectrum [228]. The values plotted in
Figure 65 should be considered to be the maximum amounts of gas able to be
produced in the component and the upper bound for displacement damage
because all spacers do not operate in high power channels at full power for their
entire time in service.
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Figure 65. Calculated helium and hydrogen gas along with the total
displacement damage for an Inconel X-750 spacer in a high power channel of a
CANDU-6 reactor at full power assuming a mid-burn-up flux spectrum [228]

3.3.1.5 Helium Bubble Nucleation and Growth

Helium atoms produced by (n,a) transmutation reactions and vacancies
produced by displacement damage cascades are absorbed by small di-vacancy
void embryos in nucleation and growth processes that produce helium bubbles.
Nucleating a spherical bubble requires overcoming the excess surface area
interfacial free energy the bubble requires in order to form (equation 100). The
additional interfacial free energy can be reduced if the bubble nucleates at a pre-
existing interface in the material: either a grain boundary, matrix-carbide
interface, or other matrix-precipitate interfaces in the Inconel X-750 springs.
This process of heterogeneous nucleation is more energetically favorable
compared to homogeneous nucleation of bubbles within the clean y-matrix due
to the reduction of free energy required expressed as the last term of equation
(100).

4
AG = —§7TT'3AGV + 47‘[1"2)/ - Ainterfaceyinterface (100)

Equation (100) expresses the change in free energy of the material required to
nucleate a spherical bubble where AG is the overall change in free energy, ris
the radius of the bubble, AGv is the volume free energy, y is the surface tension
of the bubble, and Ainterface and Vinterrace the surface area and surface tension of
a pre-existing interface in the material.

The critical radius for nucleating a bubble can be given by differentiating (100).
Terie = 3o (101)
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In a continual radiation environment, the critical radius depends on the vacancy
supersaturation, SS, expressed as a ratio of the irradiated vacancy
concentration, c¢,, and the equilibrium vacancy concentration, cy-eg:

¢y Gy—Gy—eq

SS = = e W (102)

Cv—eq

where G, and Gyeq are the Gibbs free energies of the supersaturated material and
the material at equilibrium respectively, k is Boltzmann’s constant, and T is the
irradiation temperature. A critical number of vacancies required to form a stable
cavity can be determined by differentiating the difference in free energies of the
supersaturated material and equilibrium material and setting the expression
equal to zero. The critical number of vacancies that form a stable cavity is given
by:

3
_ 2By
Neritical = (3len(SS)) (1 03)

where B is a constant based on the atomic volume, (1, given by:
30\ 2/3
B =4 () (104)

Although cavities do not have a preference for absorbing vacancies over
interstitials, the stress fields created by dislocations preferentially attract
interstitials. This dislocation-bias can induce a vacancy flux to the cavities which
is greater than the thermal emission of vacancies leaving the cavities. In this
case, cavity growth will occur. When insoluble helium atoms produced by
transmutation reactions are introduced, they help to stabilize and grow cavities
as shown in Figure 66. With no helium atoms, a perfect void, there is one critical
radius. Below this value, the void shrinks until vanishing; above this value, the
void undergoes continuous growth. As a small number of helium atoms are
added to the cavity to form a bubble, it obtains two stable critical radii. Tiny
overpressurized bubbles above points B and D in Figure 66 will grow at a
decreasing rate until reaching the smaller critical radius. A bubble between
points A and B, for example, will shrink until it reaches the smaller critical radius
at point B. Bubbles with larger critical radii at points A and C are metastable.
Slight perturbations will cause them to either continually shrink to the smaller
critical radius if a few helium atoms are lost or continually grow if a few helium
atoms are gained. If a high enough amount of helium atoms are in the bubble,
it enters an eternal realm of continuous growth, the region labelled III in Figure
66.
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Figure 66. The effect of number of helium atoms, n, on the growth rate of a
bubble, dR/dt [266]

Olander has developed an expression to describe the time dependence of the
radius of the bubbles, dR/dt, as a function of the diffusion coefficients of
vacancies and interstitials, D, and D; the supersaturated and equilibrium
concentration of vacancies, ¢, and cueq the equilibrium concentration of
interstitials, ¢, the atomic volume, (2, the surface tension of the bubble, v,
Boltzmann’s constant, k, the irradiation temperature, T, the radius of the bubble,
R, the number of helium atoms, n, a dislocation-bias factor, g, a helium atom
transmutation production rate, G, the dislocation density, pq4, the density of
vacancy dislocation loops, pvz, the number density of cavities, Nc, and the
average length of a dislocation, d.

dR _ 2yQ  3Qn ZerGa

Q eq
= —|Dycy — Dy(c ex {—
dt R[ Vv v(Ccy)oeXp kgTR  4mR3

}—Dial] + (105)

TRZNc+d(pg+pvL)
Performing a sensitivity study on the parameters reveals that increasing the
production rate of helium atoms, G, and net flux of vacancies, Dycy — D;c;, both
greatly increase bubble growth. Increasing defect densities (pa and pvi) will
slightly reduce bubble growth rate because there are more competing defect
sinks for newly produced helium atoms to find. Greatly increasing the cavity
density, Nc, will have a similar effect because more cavities will be competing
with one another for helium atoms. The dislocation-bias factor, g, has the
strongest effect on increasing bubble growth rates as shown in Figure 67. A 1%
interstitial absorption bias, & = 0.01, moves the curve up into a regime of
complete continuous growth. [266]
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Figure 67. Effect of dislocation-bias factor, €1, on bubble growth rate. [266]

It is well established that helium bubbles form in irradiated Ni-based
components. Direct TEM images of He bubbles in 53 dpa irradiated Inconel X-
750 components along with their size distributions for low temperature and high
temperature material can be seen in Figure 68 [229]. The average size of a helium
bubble in low temperature components is ~2 nm, whereas in high temperature
components it is approximately double, ~4 nm. He atom migration tendencies
mirror that of point defects, such that the low temperature material contains a
much higher density of much smaller bubbles, but the high temperature
material contains a larger range of helium bubble sizes and a larger mean bubble
size.
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Figure 68. BF TEM images of He bubbles in low temperature (6 o’clock) and high
temperature (12 o’clock) 53 dpa ex-service Inconel X-750 spacers and their size
distributions [229].

3.3.1.6 Helium Bubble Pressure

The state of the helium atoms within each bubble strongly influences how the
bubble changes the mechanical properties of the surrounding matrix or interface
in which it lies. The mechanical stress balance for a bubble is given as:

P+o,(R) =2 (106)

A bubble is considered to be in mechanical equilibrium when it imposes no
residual stress, g,(R) = 0, on the surrounding material, such that

Py =2 (107)

Pressure deficit bubbles, otherwise termed as underpressurized bubbles, have
pressures P < 2y/R, and pressure excess bubbles, otherwise termed as
overpressurized bubbles have pressures P > 2y/R. Using the surface tension of
Ni, y = 1.89 N/m, the pressure of the helium bubbles can be estimated as a
function of bubble radius as shown in Figure 69.
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Figure 69. Equilibrium pressure of a helium bubble as a function of bubble radius

It is recognized that for the high pressures seen in Figure 68 in nanometer sized
helium bubbles in irradiated Inconel X-750 components, helium does not behave
as an ideal gas because it becomes incompressible. The pressure in the bubbles
is larger than that of an ideal gas, so equations of state (EOS) for high pressure
helium should be used to more accurately determine bubble pressures.

A common approach is to use a hard sphere EOS to calculate the compressibility,
Z, of helium. Carnahan and Starling developed a closed form expression for the
compressibility in terms of the packing fraction of He, y [267]:

P 1+y+y?+y®

NkT ~— (1-y)3 (108)

where y is given as:
3
y ="EN (109

and dgs = 0.20 nm [266] is the hard sphere diameter of a helium atom and N is
the number density of He atoms in the bubble. Thus, the pressure of a helium

bubble can be determined from measuring the helium atom density and diameter
of the bubble.

3.3.2 Mechanical Properties Evolution of Irradiated Nickel Superalloys

Radiation damage in the form of displacement damage and the production of
hydrogen and helium gas in Inconel X-750 garter springs dramatically alters
their mechanical properties. This section details irradiation effects on nickel
superalloys. It begins with general effects such as radiation hardening
mechanisms via induced defects and transitions to effects more specific to Ni
superalloys, such as loss of y’ phase stability and grain boundary embrittlement
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mechanisms including hydrogen embrittlement and helium bubble
embrittlement.

3.3.2.1 Radiation Hardening Mechanisms

Metals become hardened under irradiation due to two causes: source hardening
and friction hardening. Source hardening is the increase in the initial stress
required for a dislocation to begin moving. It can be expressed as:

o, = % (100)

where D is the spacing between two sources and k is a material specific
strengthening coefficient. Source hardening is also thought of as an increased
unlocking or unpinning stress required to release a dislocation into its preferred
slip system. In irradiated fcc alloys like the Inconel X-750 components,
irradiation-induced defect clusters nearby Frank-Read sources increase the
stress needed to allow source multiplication and loop expansion [268]. Once the
source has been unlocked and the applied stress is sufficient enough for
dislocations to begin moving, moving dislocations are predominantly effected by
friction hardening.

Friction hardening is the sum of all obstacles’ resistance stress experienced by
dislocations when they move in the lattice. Friction hardening can be divided up
into short-range hardening mechanisms and long-range hardening mechanisms.

Ofr = Osg T OLR (101)

Short range hardening mechanisms are caused by the interaction of the moving
dislocation with obstacles that lie in the slip plane where it is moving. These
increased stresses arise when the dislocation comes very close to or in some case
contacts the obstacle. Each obstacle, whether it be a dislocation loop, precipitate,
void, or helium bubble, has its own short range hardening stress, so the total
short range hardening can be expressed as the sum of each individual defect’s
short range hardening factor.

Osr = Oloops + Oprecipitates + Opubbles + (1 02)

Osp = GbT (al\/ ZTlNl + Aprec/ errechrec + abubble\/zrbubblerubble + ) (1 03)

The shear modulus, G, Burgers vector, b, Taylor factor for fcc alloys, T = 3.06
[267], dispersive barrier strength of each defect, a;, mean radius of the defect, r;,
and mean atomic number density of the defect, IV, are the parameters that
determine the degree of hardening of each defect. Each type of defect will have a
different barrier strength, and the size, density, and spacing of the defects will
change their relative barrier strengths. A perfect barrier would have a dispersive
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barrier strength of a = 1. This type of hardening known as the Orowan
mechanism [270] is founded on the understanding that dislocations overcome
defect barriers by bowing around obstacles, and it can be derived using standard
dispersive barrier models [269-273].

Long range hardening mechanisms involve repulsive interactions between the
moving dislocation and the forest dislocation network within the matrix of the
material. Local stress fields arise from long range dislocation-dislocation
interactions such that the total long range friction hardening can be expressed
as:

o = aGb\/p (103)

where a is the overall dispersive barrier strength of the dislocation network, G is
the shear modulus, b is the Burgers vector, and p is the dislocation density of
the material.

Traditional radiation defects created by displacement damage cascade collapses
that contribute to hardening in Inconel X-750 components primarily include
stacking fault tetrahedrals (SFTs), interstitial/vacancy dislocation loops, and
voids. Visible dislocation loops seen at irradiation temperatures 120-330 °C
consist of faulted/Frank loops and perfect loops which are born from faulted
loops. Loops indicate that a plane of atoms has either been inserted or removed
from the matrix, causing an extrinsic or intrinsic stacking fault. Faulted loops
lie on the {111} close packed planes and are immobile. They can be turned into
perfect loops if an ao,/6 <112> Shockley partial dislocation sweeps through them
and atomically shears one layer of atoms. The new perfect loop has an
ao/2 <110> Burgers vector on {111} habit planes. When the loop unfaults, its
habit plane gradually changes to {110} and a pure, mobile, edge loop is born. As
perfect loops are further irradiated, clustered dislocation networks arise which
increase long range friction hardening. In fcc transition metals, many vacancies
become trapped by immobile vacancy clusters, either SFTs, sessile loops, or
small voids created during displacement cascades, so the observed dislocation
loops in fcc alloys are interstitial loops [252].

Stacking fault tetrahedrons in close packed fcc alloys are generated from small
ao/3 <111> faulted loops that dissociate into a,/6 <110> stair rod dislocations
and an ao/6 <112> Shockley partial dislocation [274]. The three-dimensional
tetrahedron shape arises from the six stair rod dislocations that bind it [275].

The largest contributors to radiation hardening are the high densities of
radiation produced immobile defect clusters because they have the highest
barrier strengths and the strongest resistance to dislocation motion. However, at
a critical dose, the density of these defects is known to saturate and reach an
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equilibrium: when the quantity of new defects nucleated is cancelled out by an
equal quantity of existing defects being annihilated. Therefore, irradiation
hardening from defects such as dislocation loops reaches a maximum value.
Assuming moving dislocations will bow around loops using the approach
described by equation (103), the barrier strength of the sessile loops is ~0.1. They
are weak barriers.

The defect structures and size distributions (SFTs and dislocation loops) for the
high dose Inconel X-750 components irradiated to 53 dpa with 1.8 at% helium
at irradiation temperatures of both ~180 °C and ~300 °C investigated here have
been well studied by Zhang in [229, 274] and are displayed in Figure 70.
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Figure 70. (a) Radiation defects in an ex-service Inconel X-750 component
irradiated to 53 dpa containing 1.8 at% He at ~300 °C shown through weak
beam DF TEM imaging. (b) size distribution of all defects observed in components
irradiated at both ~180 °C (6 o’clock) and ~300 °C (12 o’clock) [229]

The high densities of small defects in ex-service material irradiated at both
temperatures can be attributed to displacement cascade collapse [275, 276].
Clearly, a significant amount of larger defects are observed in the high
temperature material as evidenced by the long tail in Figure 70b, but not in the
low temperature material. This provides direct evidence for the fact that many
defects in the 6 o’clock material recombine and remain small (recombination
dominant regime), whereas in the 12 o’clock material, they migrate, find each
other at a defect sink, and are able to form larger interstitial dislocation loops
(sink dominated regime). Based on equation (103), it is expected that more
radiation hardening will be present in the material irradiated at the higher
temperature with larger defects that produce a higher short range hardening
factor. It is more difficult for dislocations to bow around larger loops compared
to smaller ones.
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An alternative hardening mechanism to dislocations bowing around obstacles is
that the moving dislocation may instead shear precipitates, bubbles, or voids by
a length equal to the Burgers vector of Inconel X-750. Shearing increases the
exposed surface area and requires additional work. When the ordered vy’
nanoprecipitates are sheared by native a,/2 <110> dislocations, an antiphase
boundary (APB) is created, and the energy required to bypass this resultant
configuration is extremely high. This is what gives Ni superalloys like the Inconel
X-750 components intrinsically high strength. The strength required to cut a
precipitate or bubble is a function of its radius, r, surface energy, y, Burgers
vector of the matrix, b, and the average spacing of the precipitate or bubble, d.

Ocutting = % (104)

Particle/bubble shearing and Orowan bowing are competing mechanisms. It is
more energetically favorable for moving dislocations to cut through small
precipitates and bubbles, whereas they prefer to bow around larger ones. Figure
71 plots the radius of the defect versus the strength required to move a
dislocation past it via the two mechanisms. The critical radius where maximum
strengthening effects occur (neither mechanism is energetically favorable) is
typically between 5 nm and 30 nm.
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Figure 71. Particle strengthening mechanisms as a function of particle radius. It
is more energetically favorable to cut through small particles and bow around
large particles. [330]

The volume fraction of the precipitates/bubbles also plays a key role as shown
in Figure 72. Increasing the volume fraction increases the overall strengthening
effects, while also increasing the critical radius.
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Figure 72. Schematic of spherical defect strengthening as a function of spherical
defect radius, r, and volume fraction, f. f3 > f2 > f1 showing that increasing the
volume fraction of the spherical defect increases its hardening effect, in addition
to increasing the critical radius, r., meaning shearing becomes more favored for
spherical defects with larger radii at higher volume fractions. [331]

Determining the effects of helium bubbles on hardening and mechanical
properties depends on their relative barrier strength and how they interact with
moving dislocations. Bubble size and density/volume fraction along with the
internal pressure of the bubbles influences how they inhibit dislocation motion.
If the standard dispersive barrier model [269-273] is applied to helium bubbles
assuming they impede dislocations as expressed in (103), an effective dispersive
barrier strength, asxe bubble, can be found.

The Friedel-Kroupa-Hirsch dispersive barrier model for dislocations
encountering weak spherical obstacles, which takes into consideration the less
extensive bowing of dislocations prior to obstacle breakaway, is a more refined
approach to correlating radiation hardening (change in yield strength) with
helium bubble diameter and helium bubble number density [278, 279]:

Aoy = ~MubdN?/ (105)
The parameters are the Taylor factor for fcc metals, T = 3.06, the shear modulus,

1, the Burgers vector, b, the average bubble diameter, d, and the number density
of bubbles, N.

More recent in-situ TEM studies coupled with molecular dynamics (MD)
simulations have revealed a difference in the hardening mechanism of helium
bubbles depending on their internal pressure. If a helium bubble is
underpressurized, a dislocation bypass mechanism allows the dislocation to
shear the bubble by a length of the Burgers vector of the y-matrix. The
dislocation can annihilate when it hits the matrix-bubble interface at the front
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of the bubble and re-form at the back of the bubble as it continues moving. The
stress required to bypass underpressurized bubbles was not much larger than
the critical resolved shear stress (CRSS) of the matrix, implying that these void-
like bubbles with low pressures are weak barriers [280]. An effective dispersive
barrier strength of a = 0.16 has been suggested in [268]. Overpressurized
bubbles containing more He atoms than vacancies disturb the fcc matrix by
producing self-interstitial clusters and punching out dislocation loops near the
bubble-matrix interface. These additional defects form a strong barrier.

Further MD simulations on pure Ni performed in [281] propose a critical void
size in nickel where a transition from small voids with weak barrier strengths
transition into larger voids with stronger barrier strengths. This critical void size
was found to be 2 nm; voids larger than this cause substantial bowing in the
leading dislocation entering the void, but voids smaller than this pass through
in a relatively straight fashion as shown in Figure 73. For voids > 2 nm, the
leading dislocation becomes pinned and the trailing dislocation is temporarily
repelled. This is reflected in the rapid increase of stress required for the
dislocation to detach from the larger voids and continue its motion shown in
Figure 73.
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Figure 73. Applied shear stress needed to detach a dislocation from a void in
pure Ni and the amount of bowing in the leading dislocation that initially
encounters the void [281]

For the Inconel X-750 components studied here, the critical bubble size may be
slightly different since this model was developed for voids in pure Ni, but it serves
as a good approximation. More helium bubble hardening is predicted in the high
temperature components with larger bubbles. Overall, high densities of large
bubbles will produce the greatest amount of hardening in Ni-based alloys.
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3.3.2.2 y’ Disordering and Dissolution

The coherent and semi-coherent, ordered, secondary phase precipitates y’ and
y” give the Ni-based superalloys Inconel X-750 and Inconel 718 their high
strength at high temperature [196, 197] and excellent creep resistance [198].
During service in reactor, irradiation-induced mixing will destroy the order of the
second phase nanoprecipitates. In the y’ phase in Inconel X-750 spacers, NisTi
and NizAl, the Ti and Al solute atoms will be knocked off of their corner atom
lattice sites and settle into temporary residence at an interstitial site or a vacant
lattice site. At this point, the y’ and y” phases are considered disordered; the
antiphase boundary contribution to their hardening has been erased. Depending
on the irradiation temperature and helium content of the material, ballistic
effects may either simultaneously dissolve the precipitates by ballistic effects as
they become disordered, or the total dissolution of the secondary ordered phases
will be delayed and occur at a higher dose after complete disordering has
concluded in a two-step process as thermodynamics drive the atoms to stable
lattice positions. Neutron irradiation induced effects on the secondary
precipitates in Inconel 718 at an irradiation temperature of 288 °C are depicted
in Figure 74. The original y’ becomes distorted at 3.5 dpa and is hard to discern
after 20 dpa [282].

718d unirradiated " 718d, 3.5 dpa 718d, 20 dpa

Figure 74. Diffraction patterns and DF TEM images showing the dose-evolved,
irradiation-induced destruction of y’ and y”’ up to 20 dpa [282]
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Studies on the radiation stability/instability of precipitation-strengthened Ni-Al
alloys have first revealed irradiation temperature and dose rate dependencies.
Nelson reported that the stability of the y’ precipitates depends on an equilibrium
between ballistic radiation effects and radiation enhanced diffusion. At
irradiation temperatures below 300-325 °C and dose rates below 10-2 dpa/s,
Nelson reports y’ to be disordered; at higher irradiation temperatures and dose
rates, the precipitates remain intact [283]. A follow up study by Camus found
that at a lower dose rate, 103 dpa/s, three temperature regimes exist. For
temperatures Tir < 270 °C, a two-step process occurs where y’ precipitates first
disorder (~0.1 dpa) and then full dissolution occurs at a higher dose (> 1 dpa).
For the temperature range 270 °C < Tirr < 350 °C, radiation enhanced diffusion
is significant enough to cause reordering and slow down dissolution such that
disordering and dissolution occur simultaneously at a higher dose (> 10 dpa).
For the highest temperature range, Tir > 350 °C, rather immediate complete
dissolution occurs at lower doses. This is illustrated in Figure 76; Camus
employed TEM imaging and field-ion microscopy (FIM) to track the progressions
of y’ [284]. The measurements of [283, 284] highlight the fact that y’ disordering
and dissolution are highly dependent on dose rate because high rates of
radiation-induced mixing will not allow adequate time for long range thermal
diffusion to occur. Thus, changes in dose rates will cause temperature shifts in
the regions in Figure 75.
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Figure 75. Disordering and dissolution kinetics of y’ precipitates under 300 keV
Ni* irradiation at a dose rate of 103 dpa/s [284]
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More recently, Zhang irradiated Inconel X-750 with Kr2* ions at a dose rate of
103 dpa/s up to a maximum dose of 5.4 dpa at irradiation temperatures
60-400 °C [285], and in a subsequent investigation at 500 °C and 600 °C [286].
He then repeated these experiments with Inconel X-750 pre-implanted with
200 appm and 5000 appm helium [274]. The dose evolution of the y’ disordering
was tracked by incrementally imaging its superlattice diffraction patterns in the
TEM at various doses and irradiation temperatures. The results are shown in
Figure 76. Material without helium irradiated at temperatures below 400 °C
becomes disordered at a dose slightly below 0.06 dpa, but at higher irradiation
temperatures, y’ remained stable up to 5.4 dpa. Helium was found to delay
particle disordering; superlattice diffraction spots did not fully vanish until doses
> 0.7 dpa for 200 appm material and > 3 dpa for 5000 appm. However,
pre-implanted helium specimens maintained the same critical disordering
temperature (Tcritical = 400 °C) as the non-implanted specimens.
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Figure 76. Irradiation temperature and dose map indicating the nature of
irradiated y’ precipitates in Inconel X-750 (non-implanted and pre-implanted with
200 appm He). The irradiation was performed with 1 MeV Kr?* ions at a dose
rate of 103 dpa/s [274, 285, 286]

Investigations of neutron irradiated Inconel X-750 components
(54 dpa, 1.7 at% He) studied in this thesis revealed that superlattice diffraction
spots have completely vanished for material irradiated at both 180 °C and
300 °C, strongly suggesting that the y’ in the components is completely
disordered and that the ordered precipitates are entirely dissolved as depicted in
Figure 77 [229].
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Figure 77. Diffraction patterns taken from Inconel X-750 components (a) non-
irradiated and neutron irradiated to 54 dpa and 1.7 at% He at an irradiation
temperature of (b) 180 °C and (c) 300 °C [229]

The disordering and dissolution of Inconel 718, precipitation hardened with both
Yy and y”, as studied in [283] under neutron irradiation at an irradiation
temperature of 288 °C and shown in Figure 73, revealed that disordering and
dissolution occur separately. Precipitate disordering was noticeable at doses ~3.5
dpa but complete dissolution did not occur until doses > 20 dpa. The separate
effects of disordering and dissolution on the mechanical properties of the
material will be discussed in more detail in the next section.

3.3.2.3 Dose Evolution of Mechanical Properties

Initially, partial disordering occurs in Ni-based superalloys at low doses as the
material simultaneously becomes saturated with new radiation defects
(dislocation loops, SFTs, microvoids). Even though the y’ and y” precipitates have
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lost some of their ordering, solute strengthening associated with local Al and Ti
concentrations is still present. Some of the potential antiphase boundary
hardening contributions are lost, but solution hardening in combination with
newly created radiation defects causes an initial increase in hardness and yield
strength at low doses < 5 dpa [196, 287-289] as seen in Figure 78.
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Figure 78. Mechanical properties dose evolution of irradiated, precipitation
hardened Ni-superalloys in three radiation environments: (a) Inconel X-750
irradiated in a fast neutron flux of 1 x 10%? n/m? in EBR-II at 420-427 °C [196],
(b) Inconel 718 irradiated with 800 MeV protons up to a fluence of 3 x 1025 p/m?
in LAMPF at temperatures < 250 °C [287], (c) Inconel 718 irradiated with 800
MeV protons and spallation neutrons at LANSCE [288, 289]

As the Ni-based alloys are further irradiated, hardening from radiation defects
has completely saturated, and the precipitates eventually become entirely
disordered, leading to the first signs of radiation softening. At even higher doses,
any residual solution strengthening from local concentrations of Al or Ti is erased
as the precipitates are dissolutioned and dispersed throughout the y-matrix,
leading to the largest reductions in the strength of the alloys. Typical mechanical
properties evolution of irradiated Ni-superalloys as a function of dose is shown
in Figure 78.

Investigations of the mechanical properties of Inconel 718 plates and welds in
fast neutron environments in irradiation temperatures 400-430 °C irradiated to
doses between 1.5 and 28 dpa by Mills [290] found that any hardening and
embrittlement caused by radiation defects saturated at 8 dpa. Yield stresses
increased up to a maximum at 7 dpa, and ultimate tensile strengths reached
their maximum at 1.5 dpa and began decreasing with increasing dose. In a
separate study on the same material in a similar fast neutron environment by
Mills and Mastel in [196], shown in Figure 78a, it was similarly found that yield
strengths and UTS initially increase at doses < 2.5 dpa, but further irradiation
causes gradual decreases in strength.
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At high irradiation temperatures, recovery of cold-worked dislocation structures
will also play a role in radiation softening, as shown by Garner in 20% cold
worked austenitic alloys. Yield strengths decreased proportionally to decreases
in dislocation densities with increasing doses at irradiation temperatures
> 500 °C [291]. The recovery of the network dislocation structures occurred in a
gradual manner, and this decrease in strength with increasing fluence was not
experienced by the exact same material in a solution annealed state. Elevated
temperatures will cause any cold-worked alloy to recover its network
dislocations, but radiation assisted thermal diffusion processes will enhance this
process by increasing the concentration of point defects. This enhancement will
be slightly offset as point defect clusters and dislocation loops form.

Post-irradiation testing of double-shelled Inconel 718 windows irradiated at the
Los Alamos Neutron Science Center (LANSCE) is represented in Figure 78b and
78c [287-289]. The low temperature material depicted in Figure 78c was
subjected to a mixture of protons and spallation neutrons up to a total dose of
10 dpa [288], whereas the material in Figure 78b and the material irradiated at
a higher temperature in Figure 78c was exposed to the high energy proton beam
up to doses of 10 dpa and 20 dpa respectively [287, 289]. Radiation softening at
doses beyond several dpa is observed regardless of irradiation temperature,
indicative that precipitate disordering and dissolution must factor into the effect,
especially for the materials at low irradiation temperatures < 250 °C where
irradiation assisted thermal recovery is not activated. Radiation softening does
not occur until 5 dpa in the material irradiated at higher temperature, whereas
softening begins at 1.5 dpa for the low temperature material. This suggests that
saturation of radiation defect hardening does not occur until higher dose and/or
some ordered y’ and y” is still retained until higher dose in the material irradiated
at higher temperature.

Fracture surfaces from three-point bend tests performed on the same Inconel
718 material shown in Figure 78b are displayed in Figure 79. Fracture appears
to transition from transgranular, to mixed-mode, to purely intergranular with
increasing dose. By ~10 dpa, the irradiated material fractures in an entirely
intergranular manner.
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Figure 79. Fracture surfaces from bending specimens cut from Inconel 718
irradiated by 800 MeV protons in LANSCE at temperatures < 250 °C: (a) ~2.5
dpa, (b) ~8.5 dpa, (c) ~10 dpa [287]

Similar evolution in fracture behavior occurs in the Inconel X-750 components
in this thesis as shown in Figure 80. A comparison of fracture surfaces from
non-irradiated material and material irradiated to 23 dpa at 300-330 °C reveals
textbook ductile cup-cone failure transitioning into brittle intergranular failure
when tested at room temperature [245].

Figure 80. Fracture surfaces of Inconel X-750 components: (a) non-irradiated and
(b) irradiated to 23 dpa at 300-330 °C [245]
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Irradiation induced embrittlement coupled with irradiation softening is certainly
an unusual phenomena. For most metals, irradiation hardening and
embrittlement coincide, but as seen in Figure 78b and Figure 79, ductile
transgranular failure occurred at the highest strength and lower dose, ~1 dpa,
whereas brittle intergranular failure arose at higher dose, 10 dpa, but
microhardness values below the hardness of the non-irradiated material [287].
Engineering stress-strain curves of Inconel 718 in Figure 81 quantify ductility
reductions in material irradiated with 800 MeV protons and spallation neutrons
at 400 °C in LANSCE [289]. The 20 dpa, high temperature material has become
severely embrittled to the point where its total elongation is less than 1%. Much
like the case of Inconel X-750 components, (p,a) transmutation reactions
produce significant levels of helium (~150 appm/dpa [292]). Total helium
concentrations are approximately 3000 appm for the material irradiated to 20
dpa, and hydrogen generation is estimated to be 6000 appm [292]. Hydrogen and
helium embrittlement most likely play a key role in causing intergranular failure
which will be discussed in more detail in the subsequent section.
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Figure 81. Engineering stress-strain curves from room temperature tensile tests
on irradiated Inconel 718 from the LANSCE spallation target (800 MeV protons
and spallation neutrons, Tir = 367-400 °C) [289]

Because no data has been obtained on Ni-superalloys irradiated beyond 20 dpa,
it is unclear whether the radiation softening and embrittlement effects saturate
at high doses obtained before end of life conditions are reached. It can be
speculated that there exists a critical dose where all ordered nanoprecipitates
are completely dissolved and dispersed throughout the matrix such that
softening due to their disappearance ends, but helium and hydrogen
concentrations in the Inconel X-750 components are continually increasing and
could also play dominant roles in mechanical properties evolution at doses
beyond 20 dpa.

106



3.3.2.4 Mechanisms for Grain Boundary Embrittlement

Radiation embrittlement via compromised grain boundaries is a challenging
degradation mechanism to manage in core structural components. The rate at
which the boundaries become embrittled is difficult to predict and answering
how best to quantify this embrittlement is a complex issue. Many mechanisms
have been suggested as explanations for how grain boundaries become
weakened under irradiation that are of great scientific and commercial interest.
Those considered plausible for irradiated fcc nickel superalloys in non-corrosive
environments like the Inconel X-750 garter springs consist of: helium bubble
embrittlement, hydrogen embrittlement, and precipitate effects in and near grain
boundaries, and strain localization interactions with grain boundaries.

Helium Bubble Grain Boundary Embrittlement

By far the most significant factor surmised to lead to loss of strength in
combination with embrittlement in irradiated reactor core Ni-based alloys is the
accumulation of helium that nucleates and grows helium bubbles with
increasing dose. Ni-alloys are most susceptible to helium bubble grain boundary
embrittlement because of transmutation reactions producing highly elevated
levels of helium within the material.

For Ni-superalloys in a CANDU core flux environment, helium generation
normally exceeds 300 appm/dpa. This generation rate allows for sufficient mass
transport to accumulate helium bubbles within grain boundaries and weaken
them. Once the bubbles nucleate within a boundary, additional helium will
stabilize them, so it can be postulated that grain boundaries weaken with
increased dose due to helium bubble accumulation. A series of helium bubbles
have been shown to align the grain boundaries in high dose, 55 dpa, 1.8 at% He,
Inconel X-750 components as shown in Figure 82 [227,228].
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Figure 82. TEM images showing helium bubbles (a) aligning a grain boundary
and matrix-precipitate interface of an irradiated Inconel X-750 component
(55 dpa, 1.8 at% He, Ty = 300-330 °C) [227] (b) enlarged portion within a grain
boundary revealing a zone denuded of cavities adjacent to the boundary
indicating that the boundary is a strong defect sink [228]

Hojna has described the mechanism of brittle intergranular failure caused by
helium bubble embrittlement as a bubble coalescence process in the very narrow
soft zones adjacent to the boundaries as illustrated in Figure 83a [293]. For
precipitate hardened alloys such as Inconel X-750, widely spaced carbide
precipitates within the boundaries may cause voids/bubbles to nucleate on
them, grow, and coalesce together in the precipitate free zones as shown in
Figure 83b [294]. If decohesion occurs within the voids/bubbles in the boundary,
dimples should exist in the fractured grain boundary. If the dimples are very
shallow and difficult to resolve, fracture is more brittle, but if they are large and
well defined, ductile intergranular fracture has occurred.
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Figure 83. Intergranular fracture mechanisms caused by bubble coalescence
within grain boundaries. (a) nano-scale dimpled intergranular fracture [293], (b)
ductile dimpled intergranular fracture caused by bubbles nucleating on grain
boundary precipitates, growing, and joining, leading to grain boundary
decohesion. A wide precipitate free zone (PFZ) is shown in the center and a
narrow one on the right. [294]

Several examples exist supporting the models proposed in Figure 83 with
materials irradiated at low temperatures < 330°C containing relatively low
concentrations of helium. Cavities similar to the ones depicted in Figure 82 and
Figure 83 are believed to have caused intergranular failure in 20% cold-worked
316SS thimble tubes operating in LWRs irradiated at 290-325° C and 3 [295,
296]. In addition, grain boundary helium bubbles appearing in a Nimonic PE16
Ni-superalloy irradiated in a fast reactor environment to 20 dpa containing
20 appm helium were linked to radiation embrittlement by Boothby [297].

Many materials irradiated at high temperatures (Tir > 400 °C) exhibit high
densities of helium stabilized bubbles or large voids. The fracture surface of Alloy
600 irradiated in HFIR at 650 °C to 8.5 dpa containing 1780 appm helium
fractured at room temperature accumulated so much helium on its boundaries
that only thin webs of the original metal held the grains together. The helium
appears as white strands seen in Figure 84a [298]. Large voids in MA957 ion
irradiated with Fe atoms to 500 dpa at 450 °C are evident as shown in Figure
84b. There is a soft zone denuded of voids adjacent to a grain boundary seen in
Figure 84b, which may make it prone to intergranular failure [299].
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Figure 84. Examples of materials irradiated at high temperatures showing
evidence of: (a) helium effected grain boundaries in Alloy 600 irradiated in HFIR
to 8.5 dpa at 650 °C containing 1780 appm He fractured at room temperature
[298], (b) a soft, denuded zone adjacent to a grain boundary in MA957 Fe atom
ion irradiated to 500 dpa at 450 °C with large voids [299].

The pressure state of the helium bubbles can also influence how they embrittle
the material surrounding them. An interbubble fracture mechanism for a plane
of small, overpressurized bubbles has been developed by Evans to describe how
bubbles produced by helium ion irradiation cause surfaces to delaminate [300].
If this plane of tiny bubbles with pressures in excess of equilibrium were to sit
within a grain boundary, a tensile stress would be created perpendicular to the
boundary. This could lead to tearing of the material along the boundary plane if
the bubbles could not punch out dislocation loops or emit self-interstitial atoms
due to a high density of radiation defects in the grain interiors of the material.
The grain interiors, highly saturated with radiation defects, would need to
interact with the overpressurized bubbles to create pressures in excess of the
shear modulus of the material for parting of the grain boundary plane to occur.
A schematic of the interbubble fracture mechanism along a grain boundary is
depicted in Figure 85, adapted from [300]. This phenomena has occurred when
hydrogen blisters form in steels, so it is hypothesized as a form of helium bubble
grain boundary embrittlement.
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Figure 85. Schematic depicting a grain boundary interbubble fracture mechanism
caused by overpressurized bubbles in a hardened matrix, adapted from [300]

Hydrogen Embrittlement

Hydrogen rapidly diffuses such that it is easily taken up from the environment
by Ni-alloys. Hydrogen generated in reactor core environments by (n,p) reactions
with Fe, Cr, and Ni much like the transmutation reaction previously described
involving %°Ni also contributes. Large quantities of retained hydrogen, ~5000
appm, have been measured in pure Ni after it was irradiated to 8.5 dpa and in
Inconel 718 after it was irradiated to 10 dpa in the LANSCE facility with high
energy protons and spallation neutrons [251, 301, 302]. Determining the exact
conditions for hydrogen retention in any nuclear alloy proves challenging
because hydrogen atoms are so easily picked up and lost to the surrounding
environment. Recent measurements on Inconel X-750 components show
retained hydrogen concentrations 250-1500 appm after 19 years in service,
suggesting 5-30% hydrogen retention rates [303].

Retained hydrogen must be considered as a potential contributor to swelling and
embrittlement. Garner proposed that in materials with a high density of
voids/bubbles, the hydrogen is directly stored within the cavities in the form of
molecular Hs [304]. Carbides formed on the grain boundaries of Ni-based metals
for the purposes of decreasing their susceptibility to stress corrosion cracking in
reactor coolant [305] are susceptible to hydrogen embrittlement [306, 307].
Incoherent carbides are strong hydrogen trapping sites that promote hydrogen
storage within grain boundaries. Elevated hydrogen levels inside grain
boundaries promote intergranular fracture in Inconel X-750 [306]. Figure 69
indicates that the maximum amount of hydrogen produced by °°Ni
transmutations before end-of-life in Inconel X-750 components is
5000-8000 appm of hydrogen. Even though H atoms are extremely mobile
interstitials, strong trap sites like grain boundary carbides and He bubbles may
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locally retain 5-30% of the hydrogen produced and measured. These hydrogen
concentrations may appear trace in comparison to the bulk material, but when
locally concentrated have been known to compromise grain boundaries and
embrittle the material [306, 307].

Hydrogen charged Inconel X-750 (~1500-3600 appm H) tested at temperatures
< 150 °C in air resulted in enhanced low temperature crack propagation and
intergranular cracking [308]. The material was held at low temperatures to
minimize hydrogen losses, and various testing methods were employed.
Non-charged, hot-worked, and aged material produced high toughness,
transgranular ductile fracture. Pre-charged material had reduced fracture
toughness and failed in an intergranular manner [308].

In-situ tensile testing of hydrogen charged Inconel 725 samples reveals a dual
role of coherent £3 twin boundaries in hydrogen embrittlement [309]. Coherent
twin boundaries were found to be most susceptible to crack initiation, which
seems counterintuitive considering they provide high strength and corrosion
resistance in many alloys. However, coherent twin boundaries were found to be
most resistant to crack propagation, indicating that crack initiation and crack
propagation are governed by different mechanisms in hydrogen embrittled grain
boundaries in Ni-based alloys [309]. Figure 86 shows the role of coherent twin
boundaries as preferential crack initiators (single grain boundary cracks
observed), whereas randomly oriented high angle boundaries are most likely to
propagate intergranular failure (multiple grain boundary cracks observed).
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Figure 86. (a) SEM image of two single grain boundary cracks (red arrows) that
have initiated along a long coherent twin boundary (dotted line). Neither crack
propagates along the entire boundary, but instead both cracks terminate in short
segments in the grain interior (white circles). Fraction of grain boundary types
that (b) initiate cracks and (c) propagate cracks given by the red bars in
comparison to their occurrence in the material (grey bars). Twin boundaries and
coincident site lattice low-X boundaries more easily initiate cracks, but randomly
oriented high angle grain boundaries more easily propagate them in hydrogen
charged Inconel 725 [309]
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Precipitate Grain Boundary Embrittlement

Segregation of brittle phases at grain boundaries promotes intergranular failure.
In four developmental Ni-Fe based superalloys all strengthened with ordered y’
and/or y” precipitates as well as the y’ strengthened Nimonic PE16, the
precipitates were disordered and dissolved at high irradiation temperatures
(Tier = 425-650 °C) and found to re-precipitate on and along grain boundaries
[310, 311]. Subsequent tensile testing resulted in reduced ductility and
intergranular fracture in the brittle phases due to radiation-induced solute
segregation that formed continuous or semi-continuous coatings of y’ formed at
the grain boundaries [310, 311]. Figure 87 shows a diagram of the brittle grain
boundary phase, cleavage failure mechanism linked to grain boundary
agglomeration of y’ particles and a dark field TEM image of a grain boundary
lined with the ordered precipitates.
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Figure 87. (a) Diagram depicting a brittle, intergranular fracture mechanism
associated with y’ grain boundary coatings. (b) Dark field TEM image of a grain

boundary lined with y’ from a Nimonic PE15 alloy irradiated at 650°C in a fast
neutron fluence to ~30 dpa [310, 311]

Strain Localization Interactions with Grain Boundaries

Soft, denuded zones adjacent to grain boundaries seen in Figure 83b in highly
irradiated Inconel X-750 components are cause for the consideration of strain
localization within them leading to interactions with the boundaries that cause
them to fail. One involves strain localization causing dislocation pile-ups at the
interface between precipitates and grain boundaries, which would promote void
formation in the interface and cracking in the boundary. When slip bands
intersect carbides lining the grain boundaries of Ni-superalloys, they cannot
easily propagate into adjacent grains and promote pile-up leading to high stress
concentrations and cracking. Soft precipitate free zones have been linked to
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intergranular failure of non-irradiated Inconel X-750 in the past [312], so similar
phenomena are to be expected in irradiated material with denuded zones shown
in [227].

Another possibility involving strain localization interaction with grain boundaries
involves the formation of dislocation channels in grain interiors that intersect
grain boundaries. When dislocation channels interact with grain boundaries,
they are bound to produce high stress points and promote grain boundary
cracking, especially within boundaries that are already compromised by helium
bubbles. Hojna describes a type of mixed mode channel-intergranular fracture
that occurs in austenitic steels irradiated at low temperatures < 360 °C in [313].
In this description it is carefully noted that channel fracture is a transgranular
shear fracture that follows a dislocation channel with a plate-like appearance.
Even though dislocation channels can exist in all grains in the material, the size
of the plate-like facets they create can be comparable to the grain size when they
shear, making it difficult to distinguish between channel and intergranular
fractures. Figure 88 shows a mixed mode fracture surface from a 15%
cold-worked 316SS flux thimble tube irradiated at temperatures 290-325 °C to
73 dpa and containing 0.07 at% He tested at room temperature
[144, 295, 296, 313].

Figure 88. Mixed mode fracture surface with flat channel facets from a 15%
cold-worked 316SS flux thimble tube irradiated at temperatures 290-325 °C to
73 dpa and containing 0.07 at% He tested at room temperature
[144, 295, 296, 313]

Intergranular fracture coupled with channel facets was also observed in Russian
18Cr-10Ni-Ti steel after irradiation in BOR-60 at 400-450 °C to 49 dpa tested at
room temperature [314]|. The steel contained 3-13% void swelling. Its fracture
surface along with a drawing illustrating the scheme of transgranular channel
fracture via the shear of bridges linking voids is shown in Figure 89 [313, 314].
The helium bubbles in the grain interiors of Inconel X-750 components may
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promote dislocation channeling and the linking of the shear of helium bubbles
in a similar fashion until the channel reaches a grain boundary and grain
boundary cracking proceeds.
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Figure 89. (a) Fracture surface of 18Cr-10Ni-Ti steel after irradiation in BOR-60 at
400-450 °C to 49 dpa tested at room temperature showing both intergranular
and channel facets [314], (b) drawing illustrating the scheme of transgranular

channel fracture via shearing of bridges that link up voids [313]

4 Experimental Procedures
4.1 Inconel X-750 Coils

Inconel X-750 coils are precipitation hardened variants of Alloy 600 that first
undergo a solution anneal (SA) followed by a single step ageing treatment. The
material is deformed prior to the final heat treatment mostly near the outer
surface by coiling and surface grinding operations. The nominal chemical
composition and heat treatments are shown in Table 4.

Table 4. Chemical composition in wt. % and heat treatments for Inconel
X-750 coils [191]

Element Al C Co Cr Cu Fe Mn Ni S Si Ti Nb + Ta
Concentration | 0.4-1 | .08 1 14-17 | 0.5 | 59 1 70 | 0.01 | 05 2.25-2.75 0.7-1.2
Solution Anneal (SA) 1093-1204 °C
Single Step Ageing 732 £ 14 °C for 16.5 hrs., air cool

The associated time-temperature-transformation curve for Inconel X-750 can be
seen in Figure 90, with the specific treatment used for these coil components
highlighted in red.
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Figure 90. Time-temperature-transformation curves for Inconel X-750 [192]. The
red dot indicates the heat treatment performed on the Inconel X-750 coils in this
study.

An electron backscattered diffraction (EBSD) map of a cross-section of a coil
shown in Figure 91 reveals clear evidence of cold-working. Residual strains on
the order of 3% at the inner and outer edges exist, and the region unaffected by
the cold working processes is shifted ~100 pm towards the inner diameter of the
coil.

s Rel. Strain [%]

200 pm
Figure 91. Relative strain map of an Inconel X-750 coil cross-section

More in depth EBSD scans were performed using a Zeiss Ultra Plus SEM with
15 keV e- and a 300 nm step size to characterize the initial microstructure of the
Inconel X-750 springs via three 250 mm x 250 mm area squares: one bordering
the inner edge of the spring, one in the center of the spring, and one bordering
the outer edge of the spring depicted in Figure 52. Average grain sizes for each
square were calculated independently via two methods: the Planimetric method
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calculating the number of grains per unit area, and the average grain intercept
method using both horizontal and vertical lines, in order to differentiate average
grain size in the radial and tangential directions. The overall average grain size
for the entire spring via the Planimetric area method was found to be d = 8.5 +
2.9 pm. Grains were found to be elongated by 1.3 £ 0.7 pm in the tangential
direction and 2 pm smaller on average in the edge areas compared to the center
region. Electron images, EBSD grain orientation maps, and average grain size in
the radial and tangential directions can be seen in Figure 92 for all three regions.

117



Coil Cross-Section

Inconel X-750 Spring Location e Image EBSD Orientation Map dug radial dm_(anse"ﬁa.

89+1.0
Inner Edge (IE)

Center () 104+1.0

Outer Edge (OE) 81+1.0

Figure 92. Schematic of the sectioned and polished Inconel X-750 coil and Electron
Backscattered Diffraction (EBSD) areas. These areas are 250 um x 250 um
squares of the inner edge (IE), center (C), and outer edge (OE) regions of an Inconel
X-750 flat spring. EBSD orientation map grain analysis produces an average
overall grain size of 8.5 £ 2.9 um and indicates grain elongation in the tangential
direction.

The processing of Inconel X-750 leads to a rich microstructure. In addition to
the fcc y-matrix that contains many solution annealed and deformation twins as
seen in Figure 52, blocky micron-sized fcc (Ti,Nb)C inclusions forming stringers
in the extrusion direction are also evident. Smaller M23Ce¢ (90 wt.% Cr)
precipitates < 1 pm are found on the grain boundaries as well as in grain
interiors. In addition, 15 nm sized ordered fcc y’ NizAl strengthening precipitates
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pictured in Figure 93 are non-uniformly distributed throughout the material.
The lattice parameter difference between the matrix and y’ precipitates is 0.5%.
An n-phased NisTi precipitate can be seen on grain boundaries as shown in
Figure 93, especially near the outer surface [193].

Y’: Niy(AlTi)

Figure 93. Some common precipitates found in Inconel X-750 including n-phase
NisTi and M23Cs carbides (left) and the ordered strengthening nanoprecipitates, y
(right) [193]

2

Chemical, physical, as well as known mechanical properties of Inconel X-750
wire heat treated in a similar fashion to the coiled components in this study can

be found in Table 5 [191].
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Table 5: Room Temperature Properties of Inconel X-750 [191]

Standard Atomic Weight 59.2323 amu
Density 8.28 g/cm3
Melting Point 1393-1427 °C
Thermal Conductivity 12 W/me°C
Tensile Yield Strength 972-1096 MPa
Ultimate Tensile Strength 1393-1407 MPa
Total Elongation 16%
Young’s Modulus 215 GPa
Shear Modulus 80 GPa
Poisson’s Ratio 0.29
Hardness 1186 MPa
Lattice Type Face-centered cubic (fcc)
Burgers vector of y-matrix 0.252 nm [194]
Burgers vector of alloy 0.35607 nm
Stacking fault energy 40-70 mJ/m? [195]

4.1 Ex-Service Neutron Irradiated Inconel X-750

Core Inconel X-750 material removed by station operators for routine
surveillance by the utilities was shipped to Canadian Nuclear Laboratories (CNL)
for a variety of post-irradiation experiments to be performed. The ex-service
material was sectioned using the Fuel and Materials Cells (FMC) at CNL into
pieces less than 1 mm x 1 mm x 0.25 mm with a diamond saw, mounted in epoxy
holders and mechanically ground and polished to a mirror finish inside of the
FMC at CNL. Two sections of two garter springs were then donated and shipped
to the Nuclear Science User Facility (NSUF) sample library at ldaho National
Laboratory (INL) and subsequent work was performed as part of the U.S.
Department of Energy (DOE) Rapid Turnaround Post-Irradiation Experiments
(RT-PIE) program with the University of California Berkeley. Three sections from
two ex-service annulus spacers were shipped to the Canadian Centre for Electron
Microscopy (CCEM) at McMaster University to be prepared and donated to the
University of California Berkeley for PIE experiments.

Sections of the components were obtained from both low temperature pinched
material (Tir = 120-280 °C) and high temperature non-pinched material
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(Tier = 300-330 °C) at all three unique irradiation conditions. Table 6 and
Figure 94 display the specific radiation environments associated with each of the
three ex-service components in terms of dose received and H and He produced
via transmutations. The associated fuel channel pressure tube temperature and
neutron flux profiles (En > 1 MeV) from which the spacers were extracted are
given in Figure 95. The spacer irradiated to the highest dose is a non-optimized
spacer, whereas the others are optimized spacers. The non-optimized material
saw a much lower total flux and the optimized coils had very similar flux and
temperature profiles.

Table 6. Ex-Service Neutron Irradiated Inconel X-750

ID Type EFPY | dpa | He (appm) | H (appm) | Tirr-max (°C)
A Optimized LT | 14.25| 54 17391 3705 268
HT 319
B Optimized LT |18.82| 67 21381 4571 249
HT 21283 4549 327
C | Non-Optimized | LT |22.63 | 81 25600 5511 244
HT 321
*EFPY = Equivalent Full Power Years
b
30000———F———————
a 25000 b * He
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Figure 94. (a) Displacement damage and (b) gas production in the ex-service
Inconel X-750 material used for micro-mechanical testing
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Figure 95. Pressure tube temperature profiles and neutron flux profiles
(En > 1 MeV) associated with the Inconel X-750 spacers extracted for micro-
mechanical testing

4.2 Sample Preparation
4.2.1 Sample Preparation of Non-Irradiated Inconel X-750

An optimized, non-irradiated Inconel X-750 coil was sent to the University of
California Berkeley to be used for baseline micro-mechanical testing. A “C-
shaped” link from this coil shown in Figure 93 was sectioned using a high speed
diamond saw and mechanically polished flat to a mirror finish according to the
Struers© recomendations given in Table 7, which was specifically developed for

polishing Ni-based superalloys.

Table 7. Struers Polishing Formula for Preparing Ni-Based Superalloys

Table 1 - Contemporary Preparation Method for Superalloys

r'.l' Step @ Surface % Surface C-Qf DP g DP é& DP O opP
O Surface SiC Paper SiC Paper MD-Dur MD-Dac MD-Dac MD-Nap
@ Abrasive SiC SiC DP-Suspension DP-Suspension DP-Suspension OP-A
Grit 180 grit 220 grit 9pum 3pum 1um
Grain Size
-é’ Lubricant Water Water Green/Red Green/Red Green/Red
> [rpm] 240-300 240-300 150 150 150 120-150
/ =\ Force
25 25 25 25 25 25
\F / IN]
Time Until Planar 1 8 6 5 3
[min]

Preparation Method for Nickel and Ni-Base Superalloys; for superalloys, one SiC step is adequate and the 1-pym step is not
needed for solution annealed and aged specimens, but may be needed for solution annealed specimens.

Ni-based superalloys are susceptible to the same etching problems as austenitic, ferritic and duplex stainless steels when

polished by colloidal silica and etched with reagents containing Cl~-ions.
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Figure 96. Sectioning of Inconel X-750 link from a non-irradiated coil

Micro-mechanical test specimens in the form of three-point bend specimens and
micro-tensile specimens were taken from both edge regions within 10 pm of the
inner diameter and outer diameter as shown in Figure 96 as well as from the
center of the spring wire.

Non-irradiated, micro-mechanical specimens extracted from the center of the coil
required a double lift-out process in order for their bottom surfaces to be
perfectly flat and flush with respect to their testing sites, such that accurate
stress values can be calculated. Therefore, initial lift outs using an Oxford
OmniProbe nanomanipulator were performed to extract larger foils that were
temporarily mounted on 3mm TEM grid posts. These larger foils are then further
shaped into micro-mechanical specimens that have perfectly flat bottoms using
an in house machined 90° SEM holder and the FIB, lifted out a second time, and
placed onto their appropriate testing sites.

4.2.2 Sample Preparation and FIB Milling of Neutron Irradiated Inconel X-750

Sectioned spacers donated to the NSUF sample library were further prepared at
the Materials Fuels Complex (MFC) in Idaho National Laboratory (INL) using an
in-house etching process in attempts to reveal their grain boundary structures.
A FEI Quanta 3-D Focused lon Beam (FIB) and Oxford OmniProbe at Idaho
National Laboratory (INL) were used to extract 40 pm x 20 pm x10 pm foils with
grain boundaries centered within the top surfaces of the foils. Material was taken
from both the center and edge regions of the irradiated springs as shown in
Figure 97. Pre-fabricated slots were cut into molybdenum lift-out grids using the
FIB and the lifted-out foils were adhered to these sites using the platinum-based
gas injection system (GIS). These large foils were then shipped to UC Berkeley
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for further preparation unique to the type of micro-mechanical test to be
performed, which will be discussed in subsequent sections.

g

Figure 97. Foil extractions from a representative ex-service spacer. (a) Cross-
section of an Inconel X-750 spring showing FIB milled foils of material taken from
both edge and center regions of the spacer, higher magnification images of the (b)

Center A foil, (c) Center B foil, and (d) Edge foil. The grain boundary revealed

along the top surface by the etching process is highlighted.

Sections of spacers sent to the CCEM were FIB milled with a Zeiss NVision 40 to
extract lamella approximately 20 pm x 20 pm x 4 pm in size from the center of
the ex-service material mounted in cross-section. The resulting lamella prepared
to be lifted out are shown in Figure 98.

a b
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Figure 98. 77 dpa, 2.4 at% He Inconel X-750 foils extracted from bulk samples at
CCEM for micro-mechanical testing: (a) pinched and (b) non-pinched
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4.3 Bulk Component Crush Testing

A portion of each irradiated annulus spacer approximately 20 coils long from
both the pinched, low temperature region (Tir = 120-280 °C) and non-pinched,
high temperature region (Tir = 300-330 °C) was sectioned using a diamond saw
inside the Fuel and Materials Cells (FMC) at CNL. A non-irradiated equivalent
length of material was prepared to obtain a baseline mechanical test. A modified
MTS Insight 50 device shown in Figure 99a crushed the 20 coil long sections
between two hardened tool steel plates as shown in Figure 99b at a displacement
controlled rate of 0.025 mm/min until they fractured. These tests were
performed inside of the FMC. Load-displacement curves were generated in units
of Newtons per coil versus millimeters of displacement.

d

lincar guide rods

A LR LR LTSy
base plate

*LVDT = linear variable differential transformer

Figure 99. Bulk crush testing of Inconel X-750 annulus spacers. (a) modified MTS
Insight 50 testing apparatus, (b) post-test coil, (c) close-up view of testing rig pre-
test depicting the loading direction

4.4 Microhardness Testing

Vickers hardness testing was performed on the non-irradiated and ex-service
material after it was sectioned into pieces less than 1 mm x 1 mm x 0.25 mm
with a diamond saw, mounted in epoxy holders and mechanically ground and
polished to a mirror finish inside of the FMC at CNL at a load of 500 gf. Twelve
Vickers indentation microhardness values were obtained from each specimen at
each irradiation condition (dose and irradiation temperature) according to ASTM
standard E384, requiring that indents be spaced apart at least 2.5 times greater
than their diameters and that the centers of all indents remain greater than 2.5
times their diameter in distance away from all edges of the sample.
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4.5 In-Situ Micro-Three-Point Bend Testing

Micro-three-point bend specimens were fabricated from 54 dpa and 67 dpa
specimens operating at average irradiation temperatures of both 180 °C and
300°C. Irradiated specimens from both the edge and center of the spacer, as
shown in Figure 94a, were extracted. In addition, non-irradiated specimens were
removed from both the outer edge and center of the “C-shaped” coil pictured in
Figure 93. In order to obtain multiple tests for each irradiation condition and
conserve material for micro-tensile tests, two to five specimens were made from
material with a specific dose, irradiation temperature, and location (center or
edge).

4.5.1 Micro-Three-Point Bend FIB Specimen Preparation

Three-point bend specimens were manufactured from the large foils previously
prepared at the MFC at INL using an in house machined 90° SEM holder inside
a FEI Quanta 3D FEG with a Ga®%%* FIB. Initially, larger milling currents (3-7 nA)

were used to cut rough beams of approximate dimensions 20 pm x 7 pm x 7 pm.
Resulting bar shapes cut into the large foil can be seen in Figure 100a.

126



Figure 100. (a) resulting bending beam structures cut into the large lift-out foil
which has already been removed from the bulk spring (b) side view of a finished
three-point bend specimen (c) top view of a completed three-point bend specimen,

(d) and (e) FIB ion channeling contrast images depicting grain boundaries
propagating approximately straight down through the thickness of the
specimens, and (f) bending specimen becomes unconstrained similar to a
standard three-point bend test during loading
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Each bar specimen similar to the two shown in Figure 97a was subsequently
lifted out using an OmniProbe 200 Nanomanipulator and mounted on a pre-
fabricated bridge test site as shown in Figure 97b. The pre-fabricated, bridge test
sites were FIB manufactured from Mo 3 mm TEM grid posts by first flattening
the top of the post and then milling an open valley to form a bridge for the three-
point bend specimen to lie across. The lift-out bars were attached using the Pt
GIS and final polishing occurred using smaller milling currents (100 pA-1 nA).
The amount of Pt GIS deposition was kept to a minimum in an attempt to reduce
its effect on the three-point bending stress state. However, this attachment is
required in order to prevent the loss of samples during the mounting process
and/or transfer between FIB milling and testing. This process and an example
of a finished three-point bend specimen can be seen in Figure 97. The final three-
point bend specimens were approximately 15-20 pm in bending length and
3-5 pm in width and thickness.

4.5.2 Electron Backscattered Diffraction Pre-Test Analysis

Each micro-bend specimen was analyzed using EBSD on its top surface using
an acceleration voltage of 30 keV, electron current of 48 nA, and step size
< 50 nm in order to map each sample’s initial microstructure, identify grain
boundaries, and determine grain orientations. The individual specimens were
found to contain between one and five grain boundaries. Grain orientations at
the bottom surface of the specimens would be more accurate, but performing
EBSD on the bottom surface of the specimens is impossible due to shadowing
from sample supports. However, Focused Ion Beam (FIB) ion channeling contrast
images of the front and back sides of the specimens were obtained in order to
ensure that grain boundaries propagated approximately straight down through
the thicknesses of the specimens. Representative FIB ion channeling contrast
images of the sides of polished bending specimens with grain boundaries clearly
visible can be seen in Figures 100d and 100e. Using these grain orientation
maps, the hkl orientations, grain rotation, and highest Schmid factor of the
preferred slip system(s) for each grain was calculated for the outward tensile
stress direction at the bottom of the specimens. In addition, misorientation
angles between two grains were measured. A representative depiction of the pre-
test microstructural analysis can be seen in Figure 101. Nearly all grain
boundaries in the specimens that were not twin boundaries were measured to
be high angle grain boundaries with misorientation angles greater than ~28¢
Table 8 gives the root mean squared (RMS) absolute and normalized grain
rotation within a single grain interior for specimens at each irradiation condition.
Normalized average grain rotations exceed 1 degree/pm in edge specimens for
both non-irradiated and high dose conditions. This indicates that grains at the
edges of the component are more heavily deformed (by at least 0.4 degrees/m)
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due to cold-working and grinding manufacturing processes, whereas grains in
the center of the component are much less deformed.
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Figure 101. Pre-test Electron Backscattered Diffraction (EBSD) on the top surface
of a representative three-point bend specimen including an Inverse Pole Figure
(IPF) grain orientation map in the tensile stress direction for the outer fiber of the
specimen, hkl orientation of individual grains, misorientation angles across grain
boundaries, grain rotation within each grain measured along a horizontal line
segment left to right from point a to point b, and highest Schmid factor of the
preferred slip system(s) within each grain

Table 8. Root-Mean-Squared Absolute and Normalized Grain Interior
Misorientations of Inconel X-750

53dpa | 53 dpa
Non-Irradiated Tavg = Tavg =
180°C | 300°C
Spring Location Edge Center | Center | Center Edge Center Edge Center
Orms (degrees) 5.4°%£4,5° | 52°%2,0° | 3.4°%1.9° | 2.5°+£1.7° | 6.5°£3.2° | 2.6°+t1.3° | 6.7°t2.1° 23109
Orms/L (degrees/pm) 24+5.2 0.6+0.4 0.1+0.1 04+0.3 1.7+14 0.5%+0.2 0.6+0.3 0.2+0.1

67 dpa 67 dpa
Tavg = 180° C Tavg = 300° C

Irradiation
Condition

4.5.3 Testing Procedures

Two to five specimens made from both center and edge regions of a non-
irradiated spring and 67 dpa irradiated spring, and from the center of 53 dpa
springs were bent at their centers under vacuum in a FEI Quanta 3D FEG using
a Hysitron PI 85 Picoindenter. The actuator was equipped with a custom made
1 pm thick and 12 pm wide diamond wedge punch. Two sets of irradiated
specimens were produced and tested; the first set from material with a low
irradiation temperature (180 °C) and the second from material with a high
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irradiation temperature (300 °C). Videos were recorded for all tests for further
analysis using the Scanning Electron Microscope (SEM) on the FEI Quanta 3D
FEG. All tests were performed in displacement controlled feedback loop mode at
loading and unloading rates of 10 nm/s to maximum strains larger than 10% or
until noticeable plastic deformation occurred. Equivalent strain rates were
between 1 x 10-3 and 2 x 10-3. In order to ensure proper sample to tip alignment
the PI 85 was tilted inside the SEM chamber to 8-15° to allow simultaneous
imaging of the sample and indenter with both the SEM and FIB beams. The
recorded force vs. displacement curves were converted into flexural stress vs.
flexural strain curves for the center point at the outer fiber of the beam using
the following equations from standard three-point bending flexural theory:

o= (106)

(107)

where F'is the recorded displacement in N, L the length of the specimen in mm,
b the specimen width in mm, d the specimen height in mm, D the recorded
displacement at the midpoint in mm, o the stress at the midpoint in MPa, and ¢
the strain in the outer surface at the midpoint. The linear elastic loading portions
of each curve were fit to linear regression lines of the form o =Y € + A, where ois
stress, Y is the effective specimen stiffness parameter, ¢ is strain, and A is an
offset parameter. A 0.2% offset from this linear elastic loading regime was applied
much like in ASTM tensile testing to acquire an effective specimen yield strength
(oy). Let it be noted that due to the Pt GIS attachments, these equations serve as
rough approximations of the tensile stresses at the outer fiber midpoint.
Deformation of the attachments themselves as the beams are bending create
complications that cannot be easily accounted for by analytical expressions.
However, as seen in Figure 97f, bending specimens do become unconstrained
during testing such that they begin to parallel a standard three-point bend test.

4.6 In-Situ Micro-Push-to-Pull Tensile Testing

Inconel X-750 samples for this study have been taken from the following
irradiation conditions: approximately 67 dpa and 2.1 at% helium (taken from
both the center and edge regions of the component) and approximately 81 dpa
and 2.6 at% helium (taken from the center of the component). Non-irradiated
control material was also taken from all three regions of the component: the
center, outer edge, and inner edge. Irradiated specimens operating at
temperatures 120-280°C and 300 * 15°C were investigated.
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4.6.1 Push-to Pull Device

The push-to-pull (P2P or PTP) device used for the micro-tensile experiments in
this study is a consumable, MEMS-fabricated, silicon spring device. A flat punch
indenter is used to press down on the center of the knob at the top of the device.
When this occurs, the 2.5 pm gap that the specimens are affixed to expands at
a constant rate controlled by the in-situ indenter and performs a uniaxial tension
test on the material. Depictions of the P2P testing device and the testing set-up
for this study can be seen in Figure 102a. Corrections for the spring compliance
of the push-to-pull device and indenter system can be made individually for each
test by either loading the device with no sample on it or by continuing to load
the device after sample failure and fitting this linear load-displacement curve to
obtain a spring stiffness as seen in Figure 102b. The latter option is the more
time efficient option because in this case the in-situ indenter only requires set
up and alignment once rather than twice to obtain all the data needed for each
test, so this option was chosen for this study. By employing this method,
push-to-pull devices were measured to have average spring constants of
k =462 + 85 N/m. Using this spring constant, the load required to open the P2P
device without any sample on it is subtracted from the raw measured load of the
system to obtain the load on the sample:

Fsampte = Fraw — kd (108)

The common units of measure when working with the in-situ indenter are forces
in pN and displacement of the P2P gap, d, in nm, so k is converted to units of
pN/nm when applied to equation (108).

k=515 N/m

500 1000 1500 2000 2500
d [nm]

specimen test site

Figure 102. (a) push-to-pull testing device schematic depicting how it functions
from Bruker [315], (b) portion of the load-displacement curve of a test post-failure
of a micro-tensile specimen which has been fit to calculate the spring constant of
the push-to-pull device for compliance correction

4.6.2 Tensile Specimen Sample Preparation

Irradiated specimens were manufactured from the large lift-out foils mounted on
TEM grid posts prepared at the MFC in INL (Figure 94) to make all 67 dpa
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samples and the Centre of Advanced Nuclear Systems at Mc Master University
(Figure 95) to make all 81 dpa samples. Non-irradiated specimens were extracted
from a “C-shaped” coil prepared as described in section 4.2.1. Specimens taken
from the inner edge and outer edge could be prepared using an in house
machined 90° SEM holder such that their bottom surfaces were flat when lifted
out of the coil and placed directly onto their test sites. However, specimens taken
from the center of the non-irradiated coil required a double lift-out process using
a TEM grid post as an intermediate sample holder to shape the specimens flat
before they were mounted on their test sites.

All specimens were manufactured such that they were either single-grained or
contained one grain boundary using an in house machined 90° SEM holder
inside vacuum in a FEI Quanta 3D FEG with a Ga®°* FIB. Initially, larger milling
currents (1-5 nA) were used to section individual specimens to be lifted out of
the large foils and attached to a Bruker silicon push-to-pull device using ion
beam assisted chemical vapor deposition (CVD) of a platinum precursor
organometallic gas. Figure 103 depicts the required geometry inside the chamber
required for successful sample mounting across the gap of the P2P device.

W Nanomanipulator Needle

1 mm

P2P Device

Figure 103. P2P set-up for lift-out process inside the SEM chamber

After specimens were secured to the testing device, they were FIB polished to
smooth average final dimensions of ~1.3 pm x ~1.3 pm x ~2.5 pm at currents of
50-100 pA. The sample fabrication processes can be seen in Figure 104.
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tensile specimen

e

Figure 104. Sample preparation processes for micro-tensile push-to-pull
specimens. (a) large lift-out foils mounted on standard 3 mm TEM grid, (b)
individual lift-out foil depicting a selected micro-tensile specimen with a central
grain boundary via FIB ion contrast imaging, (c) micro-tensile specimen sectioned
for lift-out and mounting onto push-to-pull device, (d) top view and (e) side view of
finished micro-tensile specimen

4.6.3 Electron Backscattered Diffraction Pre-Test Analysis

Completed specimens similar to those shown in Figure 103d and 103e were
analyzed using EBSD on their top surfaces using an acceleration voltage of 20
keV, electron current of 48 nA, and step size < 50 nm in order to map the
misorientation angle between their two grains, hkl orientations of each grain,
and highest Schmid factor of the preferred slip system(s) for each grain in the
tensile loading direction.

4.6.4 Testing Procedures

A total number of 23 micro-tensile specimens have been fabricated and tested:
two each from the non-irradiated outer edge and center regions, 7 from the non-
irradiated inner edge region, 5 from 67 dpa material irradiated at 180 °C, 4 from
67 dpa material irradiated at 300 °C, one from 81 dpa material irradiated at
180 °C, and two from 81 dpa material irradiated at 300 °C. Testing was
performed in vacuum in a FEI Quanta 3D FEG using a Hysitron PI 85/88
Picoindenter. Push-to-pull testing operates such that a 5 pm flat punch was
used to press down on the push-to-pull device with a 2.5 pm wide gap as shown
in Figure 102a, which then pulls the micro-tensile specimen to failure.
Depictions of the testing set-up can be seen in Figure 102a. All tests were
performed in displacement controlled feedback loop mode (piezoelectric load
sensors) at loading rates of 10 nm/s until failure. Equivalent strain rates for

these tests are between 1.5 x 103 and 5.2 x 103. In order to ensure proper
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sample to tip alignment between the flat punch and push-to-pull device in three
dimensions (X, y, and z), simultaneous imaging of the sample and indenter was
performed with both the SEM and FIB beams. Corrections for the spring
compliance of the push-to-pull device were made individually for each test as
described in Figure 102b.

In order to more accurately measure the strain values to obtain total elongation
to failure, a digital image correlation (DIC) software program written in Python
called Shiftwas used to analyze each test video frame by frame. Figure 105 shows
the user interface of the Shift DIC program at three segments of the test video:
(a) pre-test, (b) soon after yielding, and (c) immediately after fracture. Using a
point tracking algorithm to trace selected points at each end of the gauge length
on a frame by frame basis, the displacement is calculated as shown in
Figure 105d. From this data, a text file is exported and the strain is then
calculated. By matching the times of the video and the load-displacement text
file, appropriate strain values are assigned to each load data point.

Figure 105. Shift software program user interface for DIC point tracking. (a)
pre-test: Two points are selected at the ends of the gauge length of the specimen,
(b) tracing the points soon after yielding, (c) tracing the points immediately after
fracture, (d) Frame-by-frame analysis of the displacement of each point, which
accounts for stage drift
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Engineering stresses were calculated by dividing the recorded load by the
measured area of the specimens in order to generate stress vs. strain plots for
each test. Yield stresses were calculated for specimens that underwent plasticity
by applying a linear fit to the elastic portions of the curves and applying a
standard 0.2% offset. Failure stresses were also determined for each test; in
cases where fracture occurred along the grain boundary, they are deemed to be
the grain boundary strength of the material. Resolved normal and shear stresses
on the grain boundaries at the yield point and failure point of the specimens
were calculated. An effective grain boundary area factor (A/Ags) was multiplied
by the stresses in the tensile loading direction and resolved along the normal
and shear directions as presented in Table 11.

4.7 Nanoindentation: Non-Irradiated Inconel X-750

In order to investigate the cold-working effects seen in the non-irradiated spring
coil cross-section in Figure 51, lines of nanoindentation experiments were
performed across the polished sample surface from the inner edge to the outer
edge. Berkovich indents with a depth of 200 nm spaced 4 pm apart using a
Hysitron TI 900 Tribolndenter were performed in order to obtain a hardness
profile map as a function of distance from the center of the coil to correlate cold-
working residual strain with mechanical properties. Unfortunately, due to high
radiation fields which exceed dose limits, full cross-sections of high dose
irradiated material could not be investigated using nanoindentation.

4.8 Room Temperature Ion Irradiation Studies

Ion irradiation studies of Inconel X-750 components at the Australian Nuclear
Science and Technology Organisation (ANSTO) were made possible through an
East Asia and Pacific Summer Institutes (EAPSI) research fellowship. The goal of
these studies was to isolate the effects of helium on the mechanical properties of
the material by implanting U-shaped slices of non-irradiated Inconel X-750
components prepared via the methods described in section 4.2.1. Helium ion
implantation in order to simulate the radiation effects of helium transmutation
reactions in the material provides the added benefits of investigating larger
sample volumes of material through micro-mechanical tests without activating
it. However, it requires much higher dose rates to implant comparable levels of
helium to that seen in the ex-service material. In addition, in reactor elevated
temperature effects over long time periods are difficult to simulate.

The ion beam irradiation of two U-shaped spring slices was performed using the
2MV Tandetron STAR accelerator at ANSTO. Two additional polished coils were
preserved for non-irradiated control micro-mechanical experiments. The
irradiation was performed with 6 MeV He?* ions and the flux of these ions was
5.6 x 10'7 ions/cm?. The irradiation temperature was approximately room
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temperature (20 + 5 °C) as monitored with a thermocouple mounted close to the
sample on the aluminium sample clamp. An energy degrader wheel with 14
aluminium foil thicknesses between 0.8 um and 22 um was used in an attempt
to create a flat irradiation profile with helium uniformly implanted. Table 9 shows
the resultant exit energies and stopping peak depths from SRIM calculations,
and Figure 106 shows a graphical depiction of the dose-depth profile.

Table 9. He?* Ion Energies Exiting the Degrader Wheel and Their
Associated Stopping Peak Depths in the Inconel X-750 Spacers

Al Foil Thickness (um) | He?* Exit Energy (MeV)

Stopping Peak Depth (um)

0 6 12.20
0.8 5.9 +£0.05 11.60
1.6 5.75+£0.05 11.20

3 5.55 £ 0.05 10.70

6 5.05 £ 0.05 9.38

7 4.90 £ 0.05 9.02

9 4.60 £ 0.05 8.29
10 4.40 £ 0.05 7.84
12 4.05 £ 0.05 7.05
15 3.45 £ 0.05 5.79
16 3.28 £ 0.05 5.59
18 2.85 £ 0.05 4.63
20 2.30 £ 0.05 3.66
22 1.85 +£0.05 2.85

2.8 um
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Figure 106. Resultant displacement damage profile in an Inconel X-750 spring
using an Al degrader wheel predicted by SRIM calculations. An approximately
uniform ~3 dpa region occurs 3-11 um deep, with the exception of two dips at 6

um and 10 um which are consequences of non-uniform differences in foil

thicknesses of the Al degrader wheel.
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There is an initial surface region less than 3 um in depth with total displacement
damage less than 1 dpa, a uniform ~3 dpa region occurs 3-11 um deep, with the
exception of two dips at 6 um and 10 um which are consequences of non-uniform
differences in foil thicknesses of the Al degrader wheel, a final stopping peak
region 12 um deep reaching S dpa, followed by non-irradiated bulk material at
greater depths. A helium concentration distribution can be seen in Figure 107.
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Figure 107. Resultant helium implantation profile in Inconel X-750 spring using
Al degrader wheel predicted by SRIM calculations. An approximately uniform
amount of He, 1-1.2%, has been implanted in the region 3-12 um deep, with the
exception of two dips at 6 um and 10 um which are consequences of non-uniform
differences in foil thicknesses of the Al degrader wheel.

Similar to the displacement damage profile, the helium implantation profile
shows that 1-1.2% helium has been implanted uniformly into the material
between depths of 3-12 um, with the exception of two dips at 6 um and 10 um
which are consequences of non-uniform differences in foil thicknesses of the Al
degrader wheel.

4.8.1 Nanoindentation: Ion Irradiated Inconel X-750

One of the two helium implanted coils was sliced in half, mounted in cross-
section inside of a Bakelite and Epoxy puck, and mechanically polished using
the formula in section 4.2.1. Berkovich nanoindentation at a depth of 250 nm
with an indent spacing of 5 um 0-20 um from the irradiated surface along the
outer edge of the coil was performed on this sample in order to obtain hardness
changes due to irradiation. SEM images of all indents were taken in order to
precisely measure the exact distance between the indent and the irradiated
surface. Indents occurring on top of carbide inclusions were removed due to the
fact that they are not representative of the behaviour of the bulk material.
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4.8.2 In-Situ Gripper Micro-Tensile Testing

One control spring coil and one irradiated spring coil were mounted on an
aluminium dovetail insert designed for use in the the Zeiss Ultra Plus scanning
electron microscope (SEM) and Zeiss Auriga 60 focused ion beam (FIB). Two non-
irradiated specimens and four helium irradiated and implanted specimens were
made along the outer edge of the coil as shown in Figure 108. All dog-bone-
shaped tensile specimens with rounded edges to avoid unwanted stress-
concentrations at the corners were fabricated using the FIB using milling
currents of 4 nA and 16 nA to produce rough shapes and 2 nA to produce final
smoothly polished geometries in the control spring component with 17-18 um
gauge lengths, 4.0-4.6 um gauge widths, and 3.5-5.3 um gauge thicknesses
confirmed by 15 keV SEM images.

~._ -

Figure 108. Schematic of micro-tensile tests milled into the outer edge of non-
irradiated and He implanted Inconel X-750 coils

Pre-test analysis in the form of electron backscattered diffraction (EBSD) was
performed on all gauge sections of the specimens at 4kx magnification with 20
keV electrons using 100 nm step sizes. This analysis includes band contrast,
Euler angle color, inverse pole figure x, y (tensile pulling direction), and z
direction maps, hkl orientations of each grain, quantification of pre-existing
lattice rotation within each grain in the specimen, misorientation angles between
neighboring grains, and Schmid factor maps which indicate how likely slip
events are along the most likely slip plane and slip direction from the 12 available
fec slip systems. An example of this analysis along with the SEM picture of a
finished tensile specimen can be seen in Figure 109 a-h.
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Figure 109. (a) SEM images of a finished micro tensile specimen, EBSD analysis
of a micro tensile specimen including (b) band contrast identifying grain
boundaries, (c) Euler angle orientation color, (d) inverse pole figure maps in the x,
Yy, and z directions, (e) hkl orientations in the tensile loading direction of each
grain with misorientation angles across each grain boundary, (f) Schmid factor
map indicating the easiness of slip within each grain

In-situ tensile tests were performed in high vacuum inside of a Zeiss Ultra Plus
SEM using a micro-test rig (MTR-3) developed by MicroTesting Solutions
(Hilliard, OH, USA) at the Institute of Materials Engineering at ANSTO. Samples
were subjected to elongation using an in-house fabricated tungsten gripper
pictured in Figure 110. This gripper was made using the Zeiss Auriga 60 FIB and
will contact the flat surfaces on the “plug” portion of the specimen and pull it at
a displacement controlled (piezoelectric feedback control loop) rate of 5 nm/s,
equating to an approximate strain rate of ¢ = 2.9 x 10-4 s-1. High definition SEM
images (2048 x 1535 pixels) can be acquired at small strain intervals during the
tests. The displacement or strain can be held constant during the image
acquisition by pausing the test. The pause at constant strain will be
accompanied by a small stress relaxation ranging from 0.1 to 1 MPa. For each
image, the load recorded at the start of acquisition can be used to calculate the
engineering stress. The DIC software program Shift can then be used after linking
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all the images and determine the engineering strain. The mechanical properties
elastic modulus, yield strength, total elongation, and failure stress will be
determined from engineering stress versus engineering strain curves in order to
quantify helium implantation effects.

Figure 110. Tungsten gripper for micro-tensile testing
5 Results
5.1 Bulk Component Crush Testing

Component crush testing seen in Figure 111 shows that springs irradiated at
the higher temperature exhibit lower strength and ductility compared to springs
irradiated at the lower temperature. Extended service results in reduced strength
and ductility. In the case of specimens irradiated at an average of 180 °C,
ductility decreases by a factor of two after 53 dpa and nearly vanishes by 67 dpa.
However, specimens irradiated at an average of 300 °C have completely lost
ductility by 53 dpa. More dose results in further loss of strength.
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Figure 111. Representative bulk crush testing load-displacement curves of
Inconel X-750 specimens at each irradiation condition
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5.2 Microhardness Testing

Vickers microhardness measurements from Inconel X-750 specimens seen in
Figure 109 show that components irradiated at the lower temperature are softer
(~365 VHN) compared to the materials irradiated at higher temperatures
(~420-450 VHN) at the highest dose.
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Figure 112. Vickers indentation microhardness values (500 gf) of Inconel X-750
specimens at each irradiation condition with an insert depicting a representative
indent. Uneven deformation occurred adjacent to the indent in the 67 dpa
material irradiated at 300 °C.

Let it be noted that the hardness data and component crush test data follow
opposite trends. Specimens irradiated at higher temperatures have higher
hardness values but lower crush test failure loads. This suggests that hardening
mechanisms within the bulk matrix material of the components may be much
different than the ultimate failure mechanisms. Hardening mechanisms are
dictated by the production and distribution of point defects, dislocations, and
dislocation loops, whereas ultimate failure mechanisms are believed to be
dictated by deformation within grain boundaries.

5.3 In-Situ Micro-Three-Point Bend Testing

Figures depicting the results for each three-point bend specimen will consist of
pre- and post-test SEM images, an EBSD map of its top surface indicating grain
orientations with respect to the maximum flexural tensile stress direction at the
midpoint of the bottom of each micro-beam, and the associated flexural three-
point bend stress-strain curves calculated according to equations (106) and
(107).
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5.3.1 Non-Irradiated Outer Edge Specimens

Specimen 1
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Figure 113. Non-irradiated outer edge three-point bend specimen 1. A crack is
believed to have developed along the boundaries of the smallest pink grain
indicated by the red arrow after yielding occurred.

Specimen 1 (length L =17.32 £ 0.79 pm, width W= 2.56 + 0.10 um, and height
H=2.98 + 0.03 um) extracted from the non-irradiated coil along the outer edge
was loaded to a yield stress of 1538 + 33 MPa. At a flexural strain of ~3.6% and
a stress of 2020 MPa, a dramatic load drop appears as the crack indicated along
the back side of the specimen was formed. This crack is believed to be along the
boundaries of the smallest pink grain. Note that the pink grain and the
neighbouring green grain are the most weakly oriented with respect to the
flexural stress direction along the length of the beam. The specimen was loaded
further as the crack was observed to open up to a strain of ~10% before final
unloading due to undesired contact of the cone of the wedge punch tip with the
specimen.
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Specimen 2

Specimen 2 (length L =16.71 £ 0.10 pm, width W= 3.80 + 0.04 um, and height
H=4.60 £ 0.02 um) extracted from the non-irradiated coil along the outer edge
was loaded to a yield stress of 2313 + 43 MPa. The high yield strength can be
attributed to grains that are strongly oriented with respect to the flexural stress
direction along the length of the beam (highest Schmid factor less than 0.4). The
specimen underwent smooth loading until the mid-span outer fiber strain was
about 14%. At this point, the right side support attachment broke down, which
led to a jump in the indentation tip displacement and triggered unloading.
Deformation did not occur within any of the high angle grain boundaries or twin
boundaries within the specimen.
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Figure 114. Non-irradiated outer edge three-point bend specimen 2.

143



Specimen 3

Specimen 3 (length L = 18.85 £ 0.41 um, width W= 3.23 + 0.54 um, and height
H=3.72 £ 0.09 um) extracted from the non-irradiated coil along the outer edge
was loaded to a yield stress of 1868 + 25 MPa. At a flexural strain of ~9%, the
specimen became detached from its test site on the left side. At this point, the
left side of the indenter cone came into contact with the specimen and unloading
was necessary. There are only parallel twin boundaries within the specimen that
do not deform.
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Figure 115. Non-irradiated outer edge three-point bend specimen 3

Specimen 4

Specimen 4 (L = 17.35 £ 0.49 yum, width W = 3.09 £ 0.05 um, and height
H=3.11 £ 0.05 um) underwent smooth loading until the mid-span outer fiber
strain was about 4%. At this point, the specimen severely bowed. Its yield
strength was measured to be 2425 * 14 MPa and significant plasticity in the
form of slip bands was observed in multiple grains before detachment occurred.
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When abrupt bowing of the micro-beam occurred at 3330 MPa, cracks appeared
on the side surfaces of the specimen along what appear to be grain boundaries.
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Figure 116. Non-irradiated outer edge three-point bend specimen 4. Potential
grain boundary cracks that appeared after the maximum stress value when the
beam abruptly snapped are highlighted by the red arrows.

Specimen 5

Specimen 5 (L = 18.54 + 0.63 pum, width W = 3.65 £ 0.15 um, and height
H =4.59 + 0.04 um) that began in a quasi-constrained state (only attached on
one side before beginning testing) underwent smooth loading until the
displacement of the indentation tip reached the maximum programmed
displacement value of the indenter, 4 um. At this point, programmed unloading
at arate of 10 nm/s was triggered. More weakly oriented large grains with respect
to the flexural stress direction along the length of the beam (highest Schmid
factor 0.497) are believed to be responsible for producing a lower yield strength
of 1688 + 3 MPa. Numerous slip steps were observed with no evidence of grain
boundary deformation.
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Figure 117. Non-irradiated outer edge three-point bend specimen 5.
5.3.2 Non-Irradiated Center Specimens
Specimen 1

Specimen 1 (length L = 16.17 + 0.08 pm, width W= 4.20 + 0.02 pm, and height
H = 4.17 + 0.33 pm) underwent linear elastic loading up until its 0.2% offset
yield point of 1397 £ 3 MPa and continued smooth loading out to a total flexural
strain of 36% at which point the wedge punch indenter reached its maximum
programmed displacement of 4 pym and the micro-beam was unloaded. No
evidence of grain boundary deformation was observed. Multiple slip systems
were activated in the more weakly oriented grain of the micro-beam as it became
severely plastically deformed.
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Figure 118. Non-irradiated center three-point bend specimen 1.
Specimen 2

Specimen 2 (length L = 15.45 £ 0.55 pm, width W=4.72 + 0.01 pm, and height
H = 3.72 £ 0.06 pm) was only constrained on one side to begin the test and
underwent linear elastic loading up until its 0.2% offset yield point of 1273 £+ 13
MPa. Four distinct, severe load drops occurred after yielding associated with
markings along the bottom of the micro-beam. Slip steps are seen to propagate
through a grain boundary on the side surface as shown in the post-test image.
At a total flexural strain of 36% the wedge punch indenter reached its maximum
programmed displacement of 4 pm and the micro-beam was unloaded.
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Figure 119. Non-irradiated center three-point bend specimen 2.
5.3.3 54 dpa Low Irradiation Temperature Specimens

Unfortunately, the large lift out foil of 54 dpa material irradiated at an average
temperature of 180 °C extracted at the MFC in INL and sent to UC Berkeley for
testing did not contain grain boundaries. Therefore, the two micro-bend
specimens tested at this irradiation condition were single-grained specimens.
The grain orientations of these single-grained specimens were very weakly
oriented such that they had Schmid factors close to the maximum, 0.5. Due to
the fact that the grains were soft, the wedge punch produced slight imprints into
the samples as they became plastically deformed beyond their yield points,
generating a more convoluted stress state. In order to avoid this issue with
weakly oriented, single-grained, three-point bend specimens, specimen sample
thickness and width should be reduced to avoid indentation effects.
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Figure 120. Single-grained 53 dpa, Tir = 180 °C, three-point bend specimen 1.

Specimen 1 (length L = 21.53 pm, width W = 4.07 £ 0.25 pm, and height
H=15.74 + 0.14 pm) prepared in a quasi-constrained fashion was loaded to a
yield stress of 1573 MPa. Subsequent plasticity produced many parallel slip
planes and the specimen was loaded to its maximum programmed displacement
of 4 pm before the micro-beam was unloaded.

Specimen 2

Specimen 2 (length L = 21.03 pm, width W = 4.80 + 0.35 pm, and height
H=5.10 + 0.27 pm) prepared in a quasi-constrained fashion was loaded to a
yield stress of 1549 MPa. Subsequent plasticity produced many parallel slip
planes and the specimen was loaded to its maximum programmed displacement
of 4 pm before the micro-beam was unloaded.
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Figure 121. Single-grained 53 dpa, Tir = 180 °C, three-point bend specimen 2.
5.3.4 54 dpa High Irradiation Temperature Specimens

Two specimens of normal three-point bending beam geometries and two
specimens with notches in their bottom surfaces in an attempt to concentrate
stresses on their grain boundaries were tested. Specimen 1 and Specimen 2 have
regular geometries and Specimen 3 and Specimen 4 are notched. The height of
the notched specimens was measured as the distance between the top of the
specimen and the tip of the notch. The notches appear to have no effect on the
yielding behavior of the micro-beams because yield stress values for all four
specimens are very similar. No evidence of grain boundary deformation in
notched specimens is reported.
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Figure 122. 53 dpa, Ty = 300 °C, three-point bend specimen 1.

Specimen 1 (length L = 19.15 + 0.43 pm, width W= 4.77 £ 0.10 pm, and height
H=3.38 +0.16 pm) was loaded to a yield point of 1874 MPa. Subsequent plastic
deformation soon fractured the attachments and caused the specimen to fall into
the valley below its test site as it became unconstrained. At this point the
specimen was unloaded.
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Figure 123. 53 dpa, Ty = 300 °C, three-point bend specimen 2.
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Specimen 2 (length L = 19.74 + 0.19 pm, width W= 4.89 £ 0.04 pm, and height
H=3.11 £ 0.89 ym) was loaded to a yield point of 1876 MPa. Subsequent plastic
deformation activated multiple slip systems as seen in the intersecting slip bands
in the post test image of the bent micro-beam. After a flexural strain of ~7%, the
beam detached from its test site and slid into the valley below it at which point
the test was unloaded.
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Figure 124. 53 dpa, Tir = 300 °C, notched, three-point bend specimen 3.

Specimen 3 (length L = 16.35 + 0.54 pm, width W= 5.07 £ 0.11 pm, and height
H=2.93 + 0.89 ym) was loaded to a yield point of 1773 MPa. Many deformation
slip planes are observed in the large grain directly under the indenter punch as
the specimen is loaded to a maximum stress ~3 GPa. When the flexural strain
on the midpoint at the outer fiber reached 9%, the support attachements failed
causing a jerk to occur and the specimen was unloaded.

Specimen 4

Specimen 4 (length L = 14.88 + 0.35 pm, width W= 5.44 £ 0.07 pm, and height
H=3.17 £ 0.08 nm) was loaded to a yield point of 1962 MPa. This specimen
containing only an off-centered twin boundary exhibited many parallel slip
planes in its larger grain directly under the indenter punch was further loaded
to a maximum stress of ~2800 MPa at a flexural strain on the midpoint at the
outer fiber of ~9%. At this point, significant deformation induced a large load
drop. Loading continued with little increase in stress until a flexural strain of
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~16% at which point the cone of the indenter contacted the side of the specimen,
and it was unloaded.
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Figure 125. 53 dpa, Tiw = 300 °C, notched, three-point bend specimen 4. The thin
Pt deposited strip on the post-test image was introduced after the conclusion of
the test for the purposes of thinning the sample down for SEM-STEM
investigations.

5.3.5 67 dpa Low Irradiation Temperature Specimens

Four micro-bend specimens were manufactured and tested from Inconel X-750
material irradiated to 67 dpa at 180 °C; two of them were from the center of the
spacer and two of them from within 100 pm from the edge of the spacer.

Center Specimen 1

Specimen 1 taken from the center of the component (L= 13.38 + 1.24 um, width
W=4.26 £ 0.03 um, and height H=3.01 £+ 0.11 pm) was loaded to a yield point
of 1491 MPa. Two through-width cracks developed at the bottom surface when
the mid-span outer fiber strain was about 8% and the outer fiber stress was
1862 MPa, as shown in the post-test image. There was some partial unloading
due to significant deformation. The specimen was then able to reload till the mid-
span outer fiber strain was about 10%. At this point, the right side support wedge
broke down and the right side of indenter cone came into contact with the
specimen, which triggered unloading.
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Figure 126. 67 dpa, Ty = 180 °C three-point bend specimen 1.

Center Specimen 2

Specimen 2 taken from the center of the component (L= 16.38 + 0.71 um, width
W=6.39 £ 0.01 um, and height H=4.00 + 0.10 um) was loaded to a yield point
of 1798 MPa. Two through-width cracks and one nearly through-width crack
developed at the bottom surface as shown at strains greater than 10%. The
center crack, located in the middle of three cracks, formed first when the mid-
span outer fiber strain was about 12% and the outer fiber stress was about
2519 MPa. There was some partial unloading due to cracking. The center, main
crack developed at the bottom surface as shown in the post-test image in Figure
127 is very likely along the central grain boundary. It is not clear whether the
other two cracks are located along the grain boundaries that are located closer
to the ends of the micro-beam. The possibility does exist considering that grain
boundaries may not be straight and can have angles in the specimen height
direction.
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Figure 127. 67 dpa, Ty = 180 °C three-point bend specimen 2. What appear to be
potential grain boundary cracks are highlighted in red.

Edge Specimen 1

Edge specimen 1 (L = 14.13 + 0.70 pm, width W= 2.31 + 0.06 um, and height
H=2.84+0.21 um) was loaded to a yield point of 2376 MPa. Cracking occurred
at the bottom surface near the mid-span location, as shown in the post-test
image. The cracks developed at the bottom surface near the mid-span location
as shown in the post-test image in Figure 128 are likely along the twin
boundaries.
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Figure 128. 67 dpa, Ty = 180 °C three-point bend edge specimen 1. What appear
to be potential grain boundary cracks are highlighted in red.

Edge Specimen 2

Edge specimen 2 (L=15.40 £ 1.00 um, a width W= 5.04 £ 0.02 um, and a height
H=3.65+ 0.04 um) was loaded to a yield point of 2045 MPa. Continued loading
induced an abrupt snapping of the micro-beam at a stress of 2738 MPa as the
specimen became unconstrained, leading to unloading at ~4% flexural strain on
the midpoint outer fiber. No evidence of grain boundary cracking was observed;
many parallel slip bands were imaged post-test.
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Figure 129. 67 dpa, Ty = 180 °C three-point bend edge specimen 2.
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5.3.6 67 dpa High Irradiation Temperature Specimens

Four micro-bend specimens were manufactured and tested from Inconel X-750
material irradiated to 67 dpa at 300 °C; two of them were from the center of the
spacer and two of them from within 100 pm from the edge of the spacer.

Center Specimen 1

Center specimen 1 (L = 15.03 + 0.36 pm, width W= 4.00 £ 0.06 um, and height
H = 1.32 + 0.06 um) was loaded to a yield point of 2360 MPa. Deformation
behavior beyond yielding shows dramatic stress increases, which are an artifact
of the reduced height of this micro-beam in combination with this micro-beam
remaining fully constrained throughout the duration of the test. Observable
deformation occurs almost exclusively in the grain on the left, and the test was
unloaded when the cone of the indenter punch contacted the severely bent
micro-beam on the left-hand side at a flexural stress of ~7.5% on the outer fiber
at the midpoint.
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0.00 0.02 0.04 0.06 0.08

Eflex
Figure 130. 67 dpa, Ty = 300 °C three-point bend center specimen 1.
Center Specimen 2

Center specimen 2 (L = 14.80 + 0.34 um, a width W= 5.97 £ 0.14 um, and a
height H = 4.25 + 0.37 um) was loaded to a yield point of 2256 MPa. Further
loading to a mid-point outer fiber flexural strain of ~16% at a stress of 3371 MPa
caused significant bending when the beam was in an unconstrained state to
induce a sharp jump in loading at which point the tip was unloaded.
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Figure 131. 67 dpa, Tiw = 300 °C three-point bend center specimen 2.
Edge Specimen 1

Edge specimen 1 (L =14.99 £ 0.28 ym, a width W=2.48 + 0.10 um, and a height
H=2.28 + 0.07 um) was loaded to a yield point of 3380 MPa. Further loading led
to a maximum stress of 4402 MPa at a midpoint outer fiber flexural strain of
~5%. At this point severe bending and contact at the side of the tip forced
unloading.
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Figure 132. 67 dpa, Ty = 300 °C three-point bend edge specimen 1.

158



Edge Specimen 2

Edge specimen 2 (L =15.30 + 0.31 um, a width W= 3.55 £ 0.05 um, and a height
H = 3.73 £ 0.06 um) was loaded to a yield point of 2660 MPa. Soon after at a
maximum stress of 3011 MPa, complete detachment on the left side after a
severe bend of the micro-beam necessitated unloading at a midpoint flexural
strain of ~7%.
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Figure 133. 67 dpa, Ty = 300 °C three-point bend edge specimen 2.
5.3.7 Summary

Representative flexural stress-strain responses of tests on specimens from each
dose and temperature condition can be seen in Figure 131. For all tests, complete
fracture of the specimens did not occur. In all cases dislocation slip on parallel
slip planes along the deformed specimens was observed in real time as imaged
by the SEM and in post-test SEM images. A summary of average 0.2% offset
yield strength values for all irradiation conditions and spring locations can be
found in Table 10.
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Table 10: Micro Three-Point Bend Yield Strength and Critical Resolved
Shear Stress (CRSS) of Inconel X-750 Spring Material

o Non-Irradiated 51? dFia 51? d‘ia 67 dpa 67 dpa
i avg — a bria
Condition 186‘0 . 303‘0 c Tavg = 180°C Tavg = 300°C
Spring Location Edge Center | Center | Center Edge Center Edge Center
Aspect Ratio (L/H) 5:1 4.1:1 4:1 5.6:1 4.6:1 4.3:1 5.4:1 7.4:1
Number of Tests 5* 2 2 4 2% | 2 2 2

Oy.0.2%offset (MPa) | 2074£309 | 1335163 | 1561+12 1875170 22111166 | 1645+ 154 | 3020 %509 2308 £ 52

Ocrss (MPa) 935+ 162 597 £28 7637 807+42 9881173 75777 1421+323 101895

*Note: Two non-irradiated outer edge specimens, and one edge and one
center specimen irradiated to 67 dpa at 180 °C exhibited evidence of
grain boundary cracks when loaded well beyond their yield points.
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Figure 134. Representative flexural stress-strain curves calculated for the midpoint
at the outer fiber of the (a) center and (b) edge specimens according to three-point
bend theory for each irradiation condition. Loading curves plotted in terms of the
critical resolved shear stress (CRSS) calculated from the matrix orientation at the
highest stress point can be seen for the center specimens in (c) and edge specimens
in (d).
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The results shown in Figure 134 and Table 10 reveal a dramatic pre-existing,
non-uniform, cold-working effect on the mechanical properties of Inconel X-750
springs. Material in the outer edge region of the spring was measured to be
approximately 740 MPa stronger than material in the center of the spring. As the
radiation dose on the component increases, this pre-existing effect remains as
seen in the 67 dpa material. A difference in yield strengths between 67 dpa edge
and center materials of 712 MPa occurs in the material with a higher irradiation
temperature (300 + 15 °C), and the material with a lower irradiation temperature
(120-280 °C) still retains this difference as well. Edge material irradiated to 67
dpa is 566 MPa stronger compared to the center.

A matrix radiation strengthening effect with increasing dose is evident in all high
temperature specimens, whereas changes in yield strengths of low temperature
specimens appears either negligible or much subtler. High temperature center
components irradiated to 53 dpa become strengthened by 540 MPa, and there is
a further 530 MPa increase in yield between 53 dpa and 67 dpa components.
Overall, this indicates a 1070 MPa increase between non-irradiated and highest
dose center specimens. A similar effect is seen in the edge specimens; an
approximate 1 GPa increase of yield strength is seen over 67 dpa. However, for
low temperature material, non-irradiated, 53 dpa, and 67 dpa center specimens
all have similar yield strength values. Edge region low temperature specimens
also show similar yields before irradiation and after 67 dpa.

5.4 In-Situ Micro-Push-to-Pull Tensile Testing

Figures depicting the results for each micro-tensile specimen will consist of pre-
and post-test SEM images, an EBSD map of its top surface indicating grain
orientations with respect to the uniaxial tensile stress direction, and the
associated engineering stress-strain curve.

5.4.1 Non-Irradiated Outer Edge Specimens
Specimen 1

Specimen 1 contains a high angle grain boundary at an angle of 32° with respect
to the normal direction with the following dimensions: L = 2.80 + 0.15 pm,
W =1.65 % 0.05 pm, and H = 0.99 £ 0.02 pym. When the specimen was loaded, it
abruptly fractured along its grain boundary at a stress of 1592 MPa with no
observable plasticity as seen in its stress-strain curve in Figure 132. No
observable slip bands appeared on the specimen until its grain boundary
fractured. After fracture, striations are visible in the top grain.
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Figure 135. Non-irradiated, outer edge, micro-tensile specimen 1 fractured within
its high angle grain boundary (44° misorientation angle)

Specimen 2

Specimen 2 contains a twin boundary at an angle of 5° with respect to the normal
direction with the following dimensions: L= 6.52 £0.17 pm, W = 2.03 £ 0.05 pm,
and H=1.20 + 0.05 pm. The specimen yielded in its more weakly oriented bottom
grain at a stress of 1001 + 7 MPa as a first slip band appeared in this grain.
Further loading produced many parallel slip bands in this grain until fracture
occurred at a total elongation of 1.8% at a maximum stress of 1078 MPa.
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Figure 136. Non-irradiated outer edge micro-tensile specimen 2 containing a twin
boundary

5.4.2 Non-Irradiated Center Specimens
Specimen 1

Specimen 1 contains a high angle grain boundary at an angle of 16° with respect
to the normal direction with the following dimensions: L = 1.91 + 0.12 pm,
W =1.34 + 0.02 ym, and H = 0.83 £ 0.03 pm. Plasticity first occurs in the lower,
more weakly oriented grain at a yield point of 1043 MPa, followed by a significant
amount of ductility leading to fracture within the lower grain at 16.6% total
elongation after a plethora of slip bands were observed on the specimen.
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Figure 137. Non-irradiated center micro-tensile specimen 1 containing a high
angle grain boundary (40° misorientation angle)

Specimen 2

Specimen 2 contains a both a high angle grain boundary and a twin boundary
with the following dimensions: L = 3.14 £ 0.58 pm, W = 0.92 £ 0.03 pm, and
H=1.19 £ 0.05 pm. Slip planes were found first within the top most grain
(highest Schmid factor of 0.5). The specimen had a yield stress of 938 MPa and
further loading led to necking within this grain which ultimately failed at 11.8%
total elongation.
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Figure 138. Non-irradiated center micro-tensile specimen 2 containing an upper
twin boundary and a lower high angle grain boundary

5.4.3 Non-Irradiated Inner Edge Specimens
Specimen 1

Specimen 1 contains a twin boundary at an angle of 11° with respect to the
normal direction with the following dimensions: L = 3.08 + 0.21 pm,
W =1.58 £ 0.04 pm, and H = 1.00 = 0.05 pm. This specimen yielded at a stress
of 614 MPa and had a maximum stress of 685 MPa. Parallel slip planes traversed
across the twin boundary and failure occurred in the upper grain after a total
elongation of 33%.
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Figure 139. Non-irradiated inner edge micro-tensile specimen 1 containing a twin
boundary

Specimen 2

Specimen 2 contains a high angle grain boundary at an angle of 43° with respect
to the normal direction with the following dimensions: L = 3.28 = 0.09 pm,
W = 3.02 + 0.04 pm, and H = 1.33 £ 0.02 pm. This specimen yielded at a stress
of 621 + 9 MPa and had a maximum stress of 640 MPa. Initial deformation
occurred in the bottom grain but subsequent deformation caused multiple slip
systems to activate and intersect one another in both grains. Shearing parallel
to the grain boundary eventually occurred at high strains leading to ultimate
failure at 71.5%.
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Figure 140. Non-irradiated inner edge micro-tensile specimen 2 containing a twin
boundary

Specimen 3

Specimen 3 was a single-grained specimen with the following dimensions:
L=276%0.24 pm, W = 2.72 £ 0.04 pm, and H= 1.41 £ 0.05 pm. The specimen
yielded at a stress of 767 MPa and reached a maximum stress of 871 MPa. Many
parallel slip bands appear as the specimen is stretched to a total elongation of
75.2%.
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Figure 141. Single-grained non-irradiated inner edge micro-tensile specimen 3
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Specimen 4

Specimen 4 was a single-grained specimen with the following dimensions:
L=234+£0.141um,W=1.18 £ 0.01 pym, and H= 1.03 £ 0.01 pym. The specimen
yielded at a stress of 388 MPa and reached a maximum stress of 469 MPa.
Significant nearly perfectly plastic behavior followed, leading to a total elongation
of 70.4% at failure.
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Figure 142. Single-grained non-irradiated inner edge micro-tensile specimen 4
Specimen 5

Specimen S contained a twin boundary with the following dimensions:
L=255+0.14 pm, W =2.76 £ 0.03 pm, and H=2.31 £ 0.03 pm. The specimen
yielded at a stress of 696 MPa and reached a maximum stress of 824 MPa.
Plasticity initiated at the center of the specimen and propagated throughout it,
traversing across the twin boundary in the form of many parallel slip bands. The
redeposition visible on the left hand side was accounted for in dimensional
measurements so that it does not effect the mechanical properties calculations.
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Figure 143. Non-irradiated inner edge micro-tensile specimen 5 containing a twin
boundary

Specimen 6

Specimen 6 contained a high angle grain boundary with the following
dimensions: L= 2.46 + 0.06 pm, W = 1.95 £ 0.02 pm, and H = 1.40 £ 0.03 pm.
The specimen yielded at a stress of 630 + 2 MPa and reached a maximum stress
of 716 MPa. Visible plastic deformation appeared first within the top, weaker
grain very close to the end of the top of the specimen. When higher strains were
reached, slip panes are seen crossing the grain boundary. Failure occurred
entirely within the top grain at a total elongation of 30.8%.
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Figure 144. Non-irradiated inner edge micro-tensile specimen 6 containing a high
angle grain boundary (misorientation angle ~39°). Note that the engineering
stress-strain curve here has not been corrected by DIC software due to an error
with the data acquisition program that records the test video.

Specimen 7

Specimen 7 contained a high angle grain boundary with the following
dimensions: L = 3.03 £ 0.24 pm, W =2.12 £ 0.04 pm, and H = 1.90 + 0.05 pm.
The specimen yielded at a stress of 736 + 16 MPa and reached a maximum stress
of 858 MPa. Plasticity initiated in the center of the specimen and propagated
throughout. Multiple slip systems were active at the time of failure, which occurs
in the lower grain, and a total elongation of 14.1% was reached.
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Figure 145. Non-irradiated inner edge micro-tensile specimen 7 containing a high
angle grain boundary (misorientation angle ~23°). Ultimate failure occurs just
below the grain boundary in the lower grain.

5.4.4 67 dpa Low Irradiation Temperature Specimens

Edge Specimen 1

Specimen 1, taken ~100 pm from the edge of the spacer, irradiated to 67 dpa at
180 °C (L =12.36 £ 0.44 pm, W = 0.97 £ 0.03 pm, and H = 1.13 £ 0.03 pm) with
a high angle grain boundary yielded in its more weakly oriented upper grain at
a stress of 983 MPa. It reached a maximum stress of 1000 MPa as many slip
planes appeared in the upper grain and failure occurred within this grain at a
total elongation of 21.3%.
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Figure 146. 67 dpa low temperature edge micro-tensile specimen 1 containing a
high angle grain boundary (misorientation angle ~51°)

Edge Specimen 2

Specimen 2, taken ~100 pm from the edge of the spacer, irradiated to 67 dpa at
180 °C (L=2.46 £ 0.09 pm, W = 1.64 £ 0.02 pym, and H = 1.29 £ 0.05 pm) with
a high angle grain boundary abruptly fractured in its lower grain near its bottom
after 1% total elongation at a stress of 891 MPa. Plastic slip planes were observed
near the region where fracture occurred in the grain interior. A large carbide
inclusion at the bottom corner is believe to be the point of crack initiation leading
to failure as seen in the post-test image of the side of the specimen in Figure
147.
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Figure 147. 67 dpa low temperature edge micro-tensile specimen 2 containing a
high angle grain boundary (misorientation angle ~54°). Brittle fracture occurs
along the interface of a large inclusion seen on the upper right side surface.

Edge Specimen 3

Specimen 3, a micro-tensile sample containing a high angle grain boundary
taken ~100 pm from the edge of the spacer, irradiated to 67 dpa at 180 °C
(L=2.72%£0.03 pm, W =2.12 £ 0.02 pm, and H = 1.82 + 0.02 pm) yielded in its
bottom grain at a stress of 667 MPa. This grain was very ductile and took on
significant plastic deformation before the specimen failed at a total elongation of
41.4%.
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Figure 148. 67 dpa low temperature edge micro-tensile specimen 3 containing a
high angle grain boundary (misorientation angle ~54°)

173



Edge Specimen 4

Specimen 4, a single-grained micro-tensile sample taken ~100 pm from the edge
of the spacer, irradiated to 67 dpa at 180°C (L = 2.51 £ 0.22 ym, W = 1.26 = 0.07
pm, and H = 1.10 + 0.02 pm) abruptly fractured at the bottom of the gauge at a
total elongation of 1% at a stress of 641 MPa.
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Figure 149. Single-grained 67 dpa low temperature edge micro-tensile
specimen 4

Center Specimen 1

A single-grained specimen taken from the center of the garter spring irradiated
to 67 dpa at 180 °C (L=3.50%£0.05 pm, W=191+0.34 pm, and
H=2.00 + 0.02 nm) yielded at a stress of 856 MPa, followed by a large load drop
as a wide dislocation slip band appeared. The specimen exhibited significant
ductility as new smaller parallel slip bands appeared. The specimen ultimately
failed along the first large slip step at a total elongation of 26.4%.
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Figure 150. Single-grained 67 dpa low temperature center micro-tensile
specimen

5.4.5 67 dpa High Irradiation Temperature Specimens

Edge Specimen 1

Specimen 1, taken ~100 pm from the edge of the spacer, irradiated to 67 dpa at
300 °C (L=2.35%£0.31 pm, W = 2.07 £ 0.03 pm, and H = 1.78 = 0.05 pm) with
a high angle grain boundary yields in its top grain at a stress of 754 MPa. At
higher strains beyond the yield point, the specimen fractures within its bottom
grain at a total elongation of 13.7%.
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Figure 151. 67 dpa high temperature edge micro-tensile specimen 1 with a high
angle grain boundary (28° misorientation angle)

Edge Specimen 2

Specimen 2, a single-grained specimen taken ~100 pm from the edge of the
spacer, irradiated to 67 dpa at 300 °C (L= 3.16 + 0.32 pm, W = 1.30 £ 0.03 pm,
and H = 1.38 £ 0.02 pum) failed at a stress of 1006 MPa and exhibited very little
ductility. Large, parallel slip bands were observed throughout the length of the
specimen. Two slip systems appear to have activated because slip bands are seen
intersecting one another left of the fracture point in the post-test image.
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Figure 152. Single-grained 67 dpa high temperature edge micro-tensile
specimen 2
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Center Specimen 1

The first specimen taken from the center of the spacer irradiated to 67 dpa at
300 °C (L=5.66+0.32 pym, W=1.90+0.02 pm, and H = 2.15 £ 0.06 pm)
containing a twin boundary fractures below the grain boundary with very little
total ductility. Post-test images due reveal slip planes parallel to the line direction
of the twin boundary on both sides of the boundary. Presumably, deformation
slip must have traversed the twin boundary with little to no impedance at the
fracture stress of 659 MPa.
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Figure 153. 67 dpa high temperature center micro-tensile specimen 1 containing
a twin boundary

Center Specimen 2

The second specimen taken from the center of the spacer irradiated to 67 dpa at
300°C (L=3.40+0.29 pm, W =1.69 £ 0.13 pm, and H= 1.64 £ 0.03 pm) was a
single-grained sample containing a large carbide inclusion. The specimen
fractured abruptly at a stress of 1235 MPa slightly above the carbide, but not
along the matrix-carbide interface.

177



2000

1500

Oy = Of = Opay = 1235 MPa

Pre-Test
1000 Post-Test
3 um
500 E = 289 GPa
0 Erora = 1% |
0.00 0.05 0.10 0.15 0.20 0.25 0.30

Figure 154. Single-grained 67 dpa high temperature center micro-tensile
specimen 2

5.4.6 81 dpa Low Irradiation Temperature Specimen

One specimen from the 81 dpa spacer material irradiated at 180 °C was prepared
and tested with the following dimensions: L=3.51+0.12 pm,
W =1.88+0.07 pm, and H = 0.84 += 0.02 pm. Although no ESBD map was
obtained for this specimen, the visible boundaries are most likely to be twin
boundaries due to their parallel nature and separation distance of less than one
micron, since the average grain size of the material is ~8 pm. The specimen first
fractures along its upper boundary on the right. When viewing the test video
frame-by-frame, it appears that the grain boundary crack propagates to the
center of the specimen, but then it takes a path through the twin, quickly
intersecting the bottom twin boundary, and propagating to the left edge of the
specimen at which point the specimen fails. The failure stress of 1136 MPa can
be treated as an effective boundary strength for the 81 dpa low temperature
material. The specimen had a total elongation of 2.3%, and only minor plasticity
within the twin boundary is observed.

178



2000

Pre-test Post-test

— 1500}
(]
(s
E o= 1136 MPa
— 1000 =1091 MPa '
)
& b
© 500! E =142 GPa ‘
0 Eotal = 2.3 % ‘ 3pm
0.00 0.05 0.10 0.15 0.20 0.25 0.30
€ eng

Figure 155. 81 dpa low temperature center micro-tensile specimen
5.4.7 81 dpa High Irradiation Temperature Specimens
Specimen 1

The first specimen extracted from the 81 dpa material irradiated at 300 °C was
a  single-grained specimen with dimensions L=1.75+0.20 pum,
W =1.52 + 0.03 pm, and H = 0.85 + 0.03 pm. This specimen failed in a brittle
manner, exhibiting little plastic behavior in its load-displacement curve during
testing. Many large slip bands cover the entire length of the specimen. Its failure
stress was measured to be 971 MPa.
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Figure 156. Single-grained 81 dpa high temperature center micro-tensile
specimen

Specimen 2

The second specimen extracted from the 81 dpa material irradiated at 300 °C
contained a high angle grain boundary with dimensions L= 2.50 £ 0.07 pm,
W =1.94 + 0.02 pm, and H= 1.53 + 0.02 pm. Deformation initiated in the upper
left in a large grain boundary carbide and a grain boundary crack quickly
propagated across the specimen, leading to failure at a total elongation of 5.7%.
Because this specimen exhibited grain boundary fracture, the failure stress of
1267 £ 9 MPa can be considered a high angle grain boundary strength for the
81 dpa high temperature material. High resolution post-test images reveal many
narrow slip bands within the smaller boundary in the upper right, which may
explain the minor plasticity in the stress-strain curve between yielding and
failure. When viewing the test video, an abrupt fracture within the grain
boundary appears simultaneously to these slip bands.
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Figure 157. 81 dpa high temperature center micro-tensile specimen with a high
angle grain boundary (~55° misorientation angle)

5.4.8 Summary

A compilation of all engineering stress-strain curves for all irradiation conditions
studied: non-irradiated, 67 dpa, and 81 dpa at both irradiation temperatures
(180 °C and 300 °C) can be found in Figure 155. A mechanical data summary
table providing yield strength, failure strength, and total elongation for each
specimen tested is given in Table 11. In addition, Table 11 presents the measured
angles of each grain boundary with respect to their deviation from the normal
plane in both the top and side surfaces of the micro-tensile specimen. Resolved
shear and normal stresses on the grain boundaries at the yield point and failure
point are calculated accordingly and will be the subject of a discussion section
in the next chapter.
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Figure 158. Engineering stress-strain curves of all micro-tensile, push-to-pull,
Inconel X-750 specimens
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Table 11. Mechanical Data Summary Table for Push-to-Pull Inconel X-750
Micro-tensile Specimens

Irradiation Component Boundary Type | Beetop[®] | Bcesise[°] | oy (MPa) Ocass OeB-Ny OGBsheary | Ofailure/UTS | OGE-Nfsilure | OGBshesr | Etoral (36)
Condition Location (MPa) (MPa) (MPa) (MPa) (MmPa) failure
(MPa)
HAGB 316 66364 N/A N/A N/A N/A 1582 186 261 23
Outer Edge B 54 649:3% 10017 4542 1751 36 1078 193 39 18
HAGE 180+27 20751 1043 461 824 101 1086 858 105 16.6
Center HAGE & TB 455+ 0.6 63.0x21 938 466 B4 187 950 Bb 190 118
dosest to center
Sxx NfA N/A 388 150 N/A NfA 469 MfA N/A 70.4
Non-Irradiated
Sxx NfA N/A 767 313 N/A NfA 871 MfA N/A 75.2
B8 110+18 1511 614 241 591 3 685 560 3 33
Inner Edge B8 764+11 44246 696 284 20 80 B24 23 94 50.9
HAGE 425+0.2 13703 621+9 a4 319%5 71+1 640 329 73 ~715
HAGE 10+03 150x22 73e+ 16 | 315+ 36 687 +15 3 B58 801 4 14.1
HAGE 32806 213+32 630 +£2 271+£15 386£1 97 716 438 110 ~30.8
81 dpa Center mast likely TB 136+38 17820 1091 NfA 933 72 1136 871 75 23
Tur = 180 °C {not confirmed by EBSD]
81 dpa Sxx NfA N/A 971 476 N/A N/A 971 NfA N/A -
Tire = 300 *C Center 5.7
HAGB 561+15 | 201221 1202 N/A 286 237 1267 +9 301+2 24942
HAGE 2320 21885 G983 459 850 14 1000 BE5 14 213
HAGB 214:16 | 69919 835 341 85 92 891 51 98 10
67 dpa ~100 pm imatrix carbide
incluzian]
Tir=180°C | from Edlge HAGS 105227 | 317213 667 253 167 53 519 544 74 214
Sxx NfA N/A 641 262 N/A N/A 641 NfA N/A 10
Center Sxx N/A NfA 856 381 N/A N/A 856 NfA N/A 26.4
~100 um HAGE 283+13 1lax14 754 342 583 B B75 877 9 13.7
67 dpa from Edge [ NfA N/A 1006 456 N/A N/A 1006 NfA N/A 3.2
Tier =300 °C B8 5322 407x21 659 320 376 30 659 376 30 0.96
Center Sxx NfA N/A 1235 557 N/A N/A 1235 NfA N/A 10
Sxx = single-grained, HAGE = high angle grain b dary, TB = twin b dary, CRS5 = critical resolved shear stress
Angles are deviations from normal to the loading direction. on =0 [AfAcs) cOSBiop COSBige Oshear = O (AfAca) 5iNBop 5iNBiige

Note: The specimen highlighted in red failed along the interface between a
large inclusion and the matrix grain interior unlike the rest of the
specimens.

5.5 Nanoindentation: Non-Irradiated Inconel X-750

The results from 200 nm deep Berkovich indents confirm the evidence of
pre-existing cold-work created during fabrication processes. As seen in the
residual strain map in Figure 51, it has been well documented that wire drawing
and coiling processes produce residual strains and stresses. Residual
compressive stresses remain in the inner diameter region from 10-20% cold
working performed to coil the component, whereas 10-20% cold working from
coiling in the outer diameter region produces residual tensile stresses. In
addition, grinding in the outer region so that the component is “fit to size”
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produces additional hardening. The nanoindentation results shown in Figure
159 indicate that the hardness in the center region within 100 pm of the
midpoint of the component is 5.0 + 0.2 GPa, whereas the hardness in regions
> 100 pm away from the center is 5.4 £ 0.2 GPa. If only indents within 100 pm
of the outer edge are considered (highlighted in blue in Figure 156), the hardness
in this region that underwent additional grinding is 6.0 + 0.5 GPa.

[ ]
Heenter = 5.0 £ 0.2 GPa
(within 100 pym of center)

300 -200 -100 O 100 200 300
dfrom center [l.lm]

Figure 159. 200 nm Berkovich indents hardness profile performed on the cross-
section of a non-irradiated Inconel X-750 component

The elastic modulus of the non-irradiated Inconel X-750 component calculated
using equation (32) and the reduced modulus values, E,, was determined to be
230 £ 22 GPa. The elastic modulus profile is given in Figure 160.
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Figure 160. 200 nm Berkovich indents elastic modulus profile performed on the
cross-section of a non-irradiated Inconel X-750 component

5.6 Room Temperature Ion Irradiation Studies
5.6.1 Nanoindentation: Ion Irradiated Inconel X-750

Berkovich nanoindentation performed at a depth of 250 nm along the outer edge
of a room temperature helium implanted Inconel X-750 sample moving from the
edge of the sample, through the helium implanted region and extending into the
non-irradiated region quantified irradiation hardening effects. An example SEM
image of a batch of indents, and hardness and modulus depth profiles can be
seen in Figure 158 a-c. Considering only those indents with plastic zones entirely
within the irradiated and non-irradiated regions (plastic zone size ~2.5 um), the
average hardness of the non-irradiated Inconel X-750 is 6.4 + 0.3 GPa, whereas
the helium implanted Inconel X-750 has an average hardness of 7.5 = 0.3 GPa.
The average modulus of the Inconel X-750 spring coil is taken to be
239 + 11 GPa. A transition zone of linearly decreasing hardness between the
irradiated and non-irradiated regions exists over the course of the first 3 um from
the irradiated surface and from 11-14 um, as the material below this region is
non-irradiated bulk. The first transition region and differences in moduli as well
as hardness occur do to the fact that indents close to the edge also sample the
epoxy and Bakelite holder beyond the sample. The second transition region
measures hardness changes in irradiation conditions across the depth of the
sample moving into its bulk control region.
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Figure 161. (a) SEM images of two rows of indents at different depths from the
surface. (b) profile of the elastic modulus of Inconel X-750 as a function of
distance from the irradiated surface (c) hardness profile of the helium implanted
Inconel X-750 as a function of distance from the surface

5.6.2 In-Situ Gripper Micro-Tensile Testing

Two non-irradiated micro-tensile specimens and four helium implanted micro-
tensile specimens fabricated along the outer edge of the Inconel X-750 coil were
tested. Half of the specimens failed in an intergranular manner: both
non-irradiated specimens and one helium implanted specimen. Therefore, their
three failure stresses will be reported as grain boundary strengths for the outer
edge region of the material. Figures depicting the engineering stress-strain
curves, pre- and post-test EBSD scans of the specimens in their loading
direction, and pre- and post-test high resolution SEM images will be provided for
each specimen along with their mechanical properties.

Non-Irradiated Specimen 1

The first specimen fabricated within the non-irradiated outer edge
(L=179%£0.1 pm, W=4.4+0.5um, and H = 5.2 £ 0.5 pm) fractured abruptly
along its twin boundary close to the top of the specimen at a stress of 1399 MPa.
This failure strength can be taken as a twin boundary strength for Inconel X-750
along its outer edge. Close oberservation of the stress-strain curve and post-test
EBSD analysis reveals that some plasticity and yielding occurred in the large
grain below this twin boundary. The 0.2% offset yield strength is reported as
1275 MPa.
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Figure 162. Non-irradiated micro-tensile specimen 1 that fractured in its twin
boundary

Non-Irradiated Specimen 2

The second specimen fabricated within the non-irradiated outer edge
(L=17.3£0.6 pm, W=4.5%£0.5 um, and H = 4.5 + 0.4 pm) fractured along a
high angle grain boundary at a stress of 1684 MPa. Based on the stress-strain
curve, a yield stress of 1504 MPa was determined. The post-test EBSD scan does
not reveal any evidence of plasticity in the large grain, so it is speculated that
the minor plasticity occurred within the grains above the fractured boundary.

Pre-test Post-test

o - Post-test

Figure 163. Non-irradiated micro-tensile specimen 2 that fractured within a high
angle grain boundary

He Implanted Specimen 1

The first helium implanted specimen (L= 18.0 £ 0.2 pm, W = 4.2 + 0.3 ym, and
H=4.2 +0.1 pm) fractured transgranularly through a nanotwin close to the top
of the specimen at a stress of 1302 MPa. Unfortunately, stage drift caused the
system to move out of range of the frame grabber, so the strain could not be
determined by digital image correlation. Therefore, the loading curve displayed
is a nominal displacement versus engineering stress curve. Pre- and post-test
EBSD suggests no plasticity occurred and that the failure was a sharp fracture
along a cleavage plane.
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Figure 164. He implanted micro-tensile specimen 1 that fractured transgranularly
through its nanotwin

He Implanted Specimen 2

The second helium implanted specimen (L= 18.3 0.1 pm, W =4.3 £ 0.4 pm,
and H = 3.8 £ 0.1 pm) yielded at a stress of 956 MPa. Multiple slip systems were
viewed intersecting one another above the fracture point before a maximum
stress of 1003 MPa was reached and the specimen failed in the grain interior.
Parallel slip planes were also observed in the top grain below the fracture point
in agreement with the visible plasticity shown in the post-test EBSD map.
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Figure 165. He implanted micro-tensile specimen 2 that fractured transgranularly
in its upper grain

He Implanted Specimen 3

The third helium implanted specimen (L = 20.1 £ 0.1 pm, W = 5.1 £ 0.4 pm, and
H = 4.6 + 0.1 pm) fractured within a high angle grain boundary at a stress of
1295 MPa. Almost no plastic deformation was evidenced; only three tiny slip
bands are seen directly adjacent to the fractured boundary.
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Figure 166. He implanted micro-tensile specimen 3 that fractured along a high
angle grain boundary

He Implanted Specimen 4

The fourth helium implanted specimen (L= 20.1+0.1 pm, W =5.2 £ 0.3 pm,
and H = 4.4 = 0.1 pm) unusually abruptly fractured within its most strongly
oriented grain interior at a stress of 2048 MPa. No observable slip bands are seen
on the specimen but the fracture inside the grain interior is confirmed by pre-
and post-test EBSD analysis.
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Figure 167. He implanted micro-tensile specimen 4 that fractured within the
grain interior

5.6.3 Summary

A summary of the mechanical properties for all outer edge micro-tensile
specimens tested in the gripper pulling set-up can be seen in Table 12. The 0.2%
yield strength of the Inconel X-750 material before and after helium implantation
along the outer edge appears to be unchanged: Oy non-raa = 1390 + 162 MPa,
Oy-rad = 1327 += 504 MPa. Any initial ductility within the outer edge before
irradiation, €total non-rad = 2.7 £ 0.5%, appears to have vanished after helium
implantation, €ttal rad = 0.7 £ 0.2%. Ductile helium implanted specimen 2 is
considered an outlier. A reduction in high angle grain boundary strength on the
order of ~400 MPa occurs after 1.2 at% helium implantation and 3 dpa
displacement damage at room temperature.
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Table 12. Mechanical Properties of Outer Edge Bulk Micro-Tensile

Specimens
Irradiation Oy-0.2% (Mpa) Ofailure-GB (Mpa) Ofailure-Grain Interior

Condition (MPa) Etotal (%)

Non-Irradiated 1275 1399 3.2

1504 1684 2.2

1302 0.8

956 1003 10

He Implanted 1295 05

2048 0.9

6 Discussion
6.1 In-Situ Micro-Three-Point Bend Testing

Because the initiation of plastic deformation at the yield point is dislocation slip
in the region of the specimens directly below the actuator at the outer fiber
(highest stress point), an approximation was made that all deformation up until
and including the yield point (elastic deformation and the onset of plastic
deformation) occurs locally in individual grains below the loading location. Since
only a limited number of grains are deformed, it is preferable to take the crystal
orientation into account and compare a critical resolved shear stress (CRSS)
rather than a yield stress or flexural bending stress. Based on this assumption,
critical resolved shear stress (CRSS) values were calculated for the outer fibers
of the specimens at the highest stress points using the highest Schmid factors
of the grains beneath the wedge punch where slip planes were observed. All 12
possible fec slip directions and slip planes were taken into account. It is assumed
that the outer most fiber of the bend bar is in pure tension. These values are
reported in the final row of Table 10, and the associated loading curves can be
seen in Figures 131c and 131d. It is evident that high temperature components
irradiated to doses of 67 dpa necessitate higher CRSS values in order to yield.
Increases of 486 MPa in edge components and 421 MPa in center components
are observed. However, this approximation produces CRSS values for low
temperature components that increase by ~160 MPa within the first 54 dpa and
do not change with increased dose. This may suggest a saturation with respect
to dose effects in low temperature components. Nonetheless, this approximation
may be oversimplified, whereas a complex crystal plasticity model would be
needed in order to map out the grain orientations, grain boundaries, and grain
boundary planes for each specimen in order to fully characterize the result.
However, such a model is not part of this study.

For all irradiated specimens, the results suggest that the material operating at a
lower irradiation temperature has a lower yield stress compared to the high
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temperature material irradiated to the same dose. Low temperature material
yields approximately 300 MPa lower than high temperature material in the same
location (center or edge) irradiated to a dose of 54 dpa. For the highest dose
material irradiated to 67 dpa, low temperature edge components yield ~800 MPa
lower than high temperature edge components, and similarly low temperature
center components are ~760 MPa weaker than high temperature center
components. Conventional radiation effects in materials suggest that radiation
strengthening is a function of defect cluster density [273, 278, 279, 316-318],
and it is well known that defect cluster density decreases as irradiation
temperature increases [319-321]. The yield strength itself decreases with
increasing irradiation temperature except under particular conditions for some
y’ containing superalloys, where the y’ precipitates with a sufficient size and
density can suppress the decrease in yield strength with increasing temperature
[30]. In 304 stainless steel, which has a similar vacancy migration energy
compared to the Inconel X-750 material studied here, for irradiation doses
greater than or equal to 10 dpa, the steel is softer after irradiation at ~200 °C
compared with ~300 °C [322].

The yield strength for the Inconel X-750 spring material investigated here is
consistent with the effects described in [322]. The high temperature material had
an irradiation temperature of approximately 300 ©C, whereas the low
temperature material had an irradiation temperature of approximately 180 °C.
According to [322], this difference in irradiation temperature would mean that
one would expect the low temperature material to yield at an approximate stress
of 90% of the yield of the high temperature material. Although this model has
been developed for austenitic stainless steels, the Inconel X-750 low temperature
material yields at 83% of the high temperature material at 53 dpa, and ~70% of
the high temperature material at 67 dpa suggesting similar effects here.

This increasing strength with increasing temperature relationship is also
supported by microstructural observations reported in [229]. Due to vacancy
migration energies, at lower irradiation temperatures, the material is in a
recombination dominated regime, whereas at higher irradiation temperatures
the material is in a sink dominated regime. Thus, when interstitial clusters first
form in the low temperature material, they are often annihilated through
recombination, whereas in the high temperature material, they survive to form
dislocation loops. In addition, the lower temperature of the material may allow
for more disordering and dissolution of precipitate structures. Finally, cavity
densities are much higher but individual cavity sizes are much smaller for the
low temperature material, meaning they are more evenly distributed [227, 229].
Overall, the matrix microstructure is much cleaner and more homogeneous in
the low temperature material, leaving less obstacles to be overcome during
loading deformation, less necessity for dislocation climb of network dislocations,
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and ultimately a softer matrix material with a lower yield strength value. These
observations hold true for the approximate temperature range 120-330 °C and
are supported by the work shown in Figure 63. However, at irradiation
temperatures less than or equal to room temperature, recombination effects will
not occur, and yield strength increases are expected.

The results from the in-situ three-point bend specimens showing a higher room
temperature yield stress at higher irradiation temperatures are in agreement
with room temperature hardness measurements from high fluence material
shown in Figure 109. However, the failure behavior of the specimens seen in
crush testing in Figure 108 has the opposite trend with respect to temperature.
This is most likely because the failure load is dependent on the grain boundary
strength, which is not necessarily governed by the same microstructural
differences that are affecting the matrix yield strength.

Ultimately, the mechanisms for matrix yielding and ultimate failure of neutron
irradiated Inconel X-750 spacers are different. Matrix yielding is initially
governed by the spacing of ordered second phase y’ precipitates, but irradiation
damage creates a different effective defect spacing which governs the new
yielding behavior as this precipitation hardened phase loses its order with
increasing dose [229, 282, 288, 289]. It is surmised that ultimate failure is a
result of intergranular fracturing. It is hypothesized that intergranular failure
may be caused by helium preferentially aligning along and weakening grain
boundaries is also supported by TEM investigations in [197, 226-229]. The
matrix strength is dominated by microstructural features other than cavities
(dislocation loops and precipitates) and the radiation-induced changes in these
features have a different temperature dependence [227-229, 287, 323].

Two high temperature bending specimens irradiated to a dose of 54 dpa were
notched in their centers at the bottom using the FIB such that the notches were
located inside of single grains. These notches were confirmed to be within single
grains using high resolution FIB ion channeling contrast images of the sides of
the specimens. Tests of these two notched specimens did not generate cracking
from the notch. Since it is known that notch tips were located inside the grain,
no cracking from the notch and significant plastic deformation after yielding
suggests that the matrix material has high resistance to cracking under
irradiated conditions. Notches produced via FIB line profile rastering can be
made relatively fine, but they cannot simulate true crack widths.

However, in the case of the low temperature specimens irradiated to 67 dpa,
cracks developed on the bottom of both center and edge specimens. Based on
the grain boundary locations indicated by EBSD scans of the top surfaces of the
specimens, it is likely that the cracks follow the paths of the grain boundaries,

but definite proof is difficult since EBSD after deformation is not possible due to
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the fact that the top sample surface, the only one which remains unblocked by
sample mounts, is no longer flat. Figure 124 and Figure 125 show representative
center and edge specimens for low temperature material irradiated to 67 dpa
with cracks that are believed to have propagated along grain boundaries and
exited at the bottom of the specimens. Associated stress values for crack
initiation are larger than the associated yield stresses: ~3.5 GPa for edge
specimens and ~2.5 GPa for center specimens. EBSD images of side and bottom
surfaces are not possible due to shadowing effects from sample holders and
mounts.

To summarize initial discoveries made on the failure mechanisms of the Inconel
X-750 spacers, let it be noted that indication of potential grain boundary failure
in the tests of non-irradiated specimens when strained well beyond their yield
points occurred only in two outer edge specimens where cold working and
grinding effects are the most severe. Matrix grain interiors are believed to be
drastically hardened in this region to the point that grain boundary failure is
promoted as an alternative deformation pathway. In the case occurring in Figure
110, the nanograin containing boundaries that cracked was surrounded by one
neighboring grain with a very low Schmid factor and one neighboring grain with
a very high Schmid factor. This difference in grain orientations in addition to the
size of the grain is hypothesized to play a role in promoting grain boundary
cracking. In the case occurring in Figure 113, three of the four grains contained
in the micro-beam are strongly oriented grains close to the <111> direction with
low Schmid factors < 0.4. The grain boundary cracks are observed only after
flexural stresses on the outer fiber at the midpoint of ~3.3 GPa causing the beam
to kink, well after it has yielded and accommodated a large amount of plastic
deformation, as seen by the high number of slip planes observed.

However, there were multiple indications of cracking along grain boundaries in
the irradiated micro-scale tests seen in material taken from both the center of
the spacer, seen in Figure 124, and in material taken from the edge of the spacer,
seen in Figure 125. This could be linked to the intergranular failure seen in
macroscopic crush tests of irradiated specimens, the loading curves of which are
seen in Figure 108, particularly in the case of low temperature specimens
irradiated to 67 dpa. The irradiated specimen taken from the center of the
component shown in Figure 124 is speculated to undergo grain boundary
cracking at flexural stresses ~2.3-2.5 GPa, which is not much higher than the
flexural yield stress of ~2.0-2.2 GPa.

6.1.1 Testing Limitations

This novel, lift-out, in-situ, micro three-point bend SSMT required the micro-
beams to be quasi or fully constrained when loading began (i.e. attached to their

test sites via Pt GIS). Otherwise, the tests could not be performed safely and
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successfully, in addition to loose, active contamination being present within the
FIB workstation chamber. Due to these constraints, micro three-point bend tests
deviated significantly from standardized ASTM-like tests, not only just in size
but in stress states, as shown in Figure 165 via FEM modelling for a fully
constrained beam using a mesh. Plasticization is more concentrated to the center
of the beam; high tensile stresses along the axis of the beam do not extend out
as far from the center along the length of the beam. As expected, high
compressive stress points also exist at the two points where the beam is
attached. Increased plastic strain occurs directly under the indenter wedge
punch, which may explain why slight indentation marks were left in some
specimens after testing. Higher flexural yield stresses exist in the fully
constrained set up as displayed in Figure 165, explaining the results
summarized in Table 10. Flexural yield stress values for non-irradiated micro-
beams extracted from the center of the Inconel X-750 material (no cold-working
effects) have yield stresses of 1335 + 63 MPa, which is ~31% higher on average
than the bulk yield strength of Inconel X-750, reported to be 972-1070 MPa. This
is in good agreement with the FEM modelling in Figure 165a that predicts a yield
strength increase of ~26% in the fully constrained SSMT testing set-up.
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Figure 168. FEM mesh modelling of the (a) normal stresses along the beam axis
(tensile and compressive), (b) Von Mises stresses, and (c) plastic strain at the
yield point for a standard three-point bend test and a fully constrained SSMT

three-point bend test [332]

Because the testing conditions for all micro-beams remained consistent for all
irradiation conditions, relative yield strength comparisons between different
doses and irradiation temperatures are valid. However, pre-test conditions
required for the SSMT necessitate further corrections to arrive at absolute yield
strength values. Due to the inherent complexity of the stress state produced
when performing a three-point bend test, mechanical properties beyond yield
strengths such as ductility properties and failure strengths are rather difficult to
obtain. The experiments performed in this study did not load the micro-beams
to ultimate failure. Multiple factors are responsible: 1) a maximum displacement
limit of 4 pm for accurate readings using the low load transducer in the Hysitron
PI 85/88 Picoindenter, 2) severe bending of the specimens leading to contact
with the side of the wedge punch indenter cone or specimens falling into the
valley beneath their test sites, and 3) the inherent nature of the three-point
bending stress state that has a zero-stress neutral axis line, making the test
intrinsically incompatible for failure analysis studies. Therefore, a second novel
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SSMT producing a uniaxial tensile stress state was developed to obtain more
mechanical information.

6.2 In-Situ Micro-Push-to-Pull Tensile Testing

Because irradiated specimens could not be taken from within 10 pm of the edge
of the spacer, non-irradiated center specimens are compared to all irradiated
specimens. The micro-tensile mechanical properties of irradiated specimens
taken ~100 pm from the edge of the sample do not show significant differences
from the mechanical properties of irradiated specimens taken from the center of
the components as seen in Table 11.

6.2.1 Quantifying Cold Working Effects from Material Processing

It has been well documented that cold working prior to precipitation hardening
increases the fraction of cellular carbides, and this structure is associated with
low ductility and a greater degree of chromium depletion in the surrounding
matrix area [324, 325]. In the case of our Inconel X-750 material, the
components underwent a cold coiling process after the aging treatment, but
micro-tensile testing on non-irradiated outer edge specimens suggests similar
low ductility. It is possible that the grain boundary failure can be attributed to
stress concentrations from the presence of a large number of grain boundary
carbides and n phase Ni3Ti precipitates which replaces the y’ strengthening
nanoprecipitates at the outer edge. Rather abrupt grain boundary decohesion
with associated flaking in the case of the high angle grain boundary outer edge
specimen was observed. Another possibility to account for the localized failure
at the grain boundaries is the zone denuded of y’ precipitates, a precipitate free
region (PFZ), that is typically found in these alloys. The combination of carbide
accumulation and n phase accumulation on the boundaries and a y’ PFZ would
mean that easiest pathway for dislocation motion would be within the limited
space of the precipitate free region (PFZ) directly adjacent to the grain boundary.
The localized deformation in the PFZ and the grain boundary precipitate
structure [326] could account for the intergranular failure mode observed, i.e.
flaking along the boundary surface and multiple dimples within the fracture
surface seen in Figures 132, 160, and 163. Mills also recognized that plasticity
around the grain-boundary carbides leads to a stress concentration at the
carbide-matrix interface, which results in a decohesion between the carbide
particles and the nickel matrix. The M23Ce carbides serve as initiation points for
micro-voids, which grow and coalesce within the grain boundary denuded zone
leading to intergranular failure via a dimple rupture mechanism at room
temperature [312].

Unlike high angle grain boundaries, twin boundaries arise as a result of mirrored
stacking fault errors and do not serve as nucleation sites for M23Ces carbides.
Thus, as seen in Figure 133, the twin boundary does not fracture, although
losses in ductility due to cold-working are still evidenced.
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Figure 166 shows a graphical representation of the non-irradiated mechanical
properties of the garter spring measured by push-to-pull micro-mechanical
testing in the outer edge, center and inner edge. Failure strengths at the outer
edge increase by 317 MPa on average as total elongation decreases by 12.2% on
average. Clearly, the outer edge region of the material is stronger and less ductile.
This is also supported by the nanoindentation results shown in Figure 156. A
~1.0 GPa average increase in hardness measured by 200 nm indents was
observed. In addition, larger non-irradiated micro-tensile tests performed on the
outer edge region of the material shown in Figure 159 and Figure 160 produced
yield stresses ~200-400 MPa higher than the upper bound, non-irradiated, bulk
yield stress of the material.

Residual stresses are also hypothesized to play a role in differences in
mechanical properties between the inner edge and outer edge of the spring wire.
Residual tensile stresses due to cold coiling exist along the outer edge, whereas
residual compressive stresses exist along the inner edge. Push-to-pull micro-
tensile testing measures the material along the inner edge of the spacer to be the
weakest and most ductile as shown in Figure 166. It is speculated that pulling
micro-tensile specimens in tension (the opposite of their retained residual stress)
causes them to yield at a much lower stress than components with no residual
stresses or residual tensile stresses.
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Figure 169. Graphical representation of an Inconel X-750 spacer with mechanical
properties measured by push-to-pull micro-tensile testing summarized in each
region: outer edge, center, and inner edge. Bar graphs depicting the failure
strength, yield strength, critical resolved shear stress (CRSS) calculated from the
highest Schmid factor of the grain interior where the first observable slip step
appeared, and the total elongation of the specimens are provided on the right
hand side.
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6.2.2 Critical Resolved Shear Stress

Critical resolved shear stress (CRSS) values were calculated for all micro-tensile
specimens where plasticity in the form of slip bands was observed as shown in
column 7 of Table 11. The CRSS value was calculated for the grain interior in
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which the first observed slip plane appeared using the highest Schmid factor
from this grain. It is recognized that CRSS values for specimens containing twin
boundaries and high angle grain boundaries are imperfect due to boundary
effects, but this parameter is intended to provide an approximate grain boundary
independent parameterization of deformation initiation.
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Figure 170. Critical resolved shear stress (CRSS) values calculated from micro-
tensile specimens

Specimens irradiated at a higher temperature require higher stresses within
their grain interiors in order to initiate deformation. A slight increase in CRSS of
57 MPa on average occurs as high temperature specimens receive more dose
from 67 dpa to 81 dpa. The average helium bubble size in the high temperature
material is 3-4 nm [229] and bubbles at this size appear to produce significant
matrix hardening with increasing dose, as opposed to the the average bubble
size of 1 nm in the low temperature material where CRSS values are lower than
that of the non-irradiated material. This is in good agreement with [281]
suggesting a critical size of 2 nm for helium bubbles to cause hardening in the
material. Therefore, it can be surmised that high dose matrix hardening effects
in the high temperature material may continually evolve with increasing dose
beyond 81 dpa due to an increasing number density of helium bubbles within
the material, whereas for the low temperature material, the bubble sizes are too
small to have an effect. CRSS values are proposed to remain unchanged in the
pinched material.

6.2.3 Yield Strengths

The bulk yield strength of non-irradiated Inconel X-750 material is noted to be
972-1070 MPa in [191]. The new push-to-pull, in-situ, micro-tensile testing
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method presented here measures the yield strength of two non-irradiated
specimens taken from the center of the spacer, that should be most
representative of bulk mechanical properties and not be altered by cold working
effects, to be 938 MPa and 1043 MPa, respectively. Therefore, push-to-pull,
micro-tensile testing determines the bulk yield strength of the non-irradiated
Inconel X-750 well based on these test cases. This is due to the fact that the
strength determining features in non-irradiated Inconel X-750 are the second-
phase ordered y’ nanoprecipitates. Because these precipitates average 15 nm in
size and are dispersed throughout the matrix, specimen size effects can be
considered negligible since micro-tensile specimens are ~1-1.5 pm in length and
width and ~2.5 pm in gauge length and thus contain many of the vy’
nanoprecipitates. Using a volume fraction for y’ of 4.5%, which is the lower
bound for the Inconel X-750 material studied here as reported in [327], and the
average volume of a micro-tensile specimen, it can be calculated that > 600
ordered nanoprecipitates are contained in the non-irradiated tensile specimens
on average. Thus, the specimens should behave similar to bulk specimens
because y’ remains the most important strength determining feature and is
abundant. Slight deviations from the bulk value can be attributed to the
heterogeneous, non-uniform distribution of y’ throughout the matrix as
mentioned in [193], as well as contributions from the differences in orientation
of the weakly oriented single grains which deform with respect to the loading
direction compared to deformation, which is averaged over many different grains
and grain orientations in a bulk sample.
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Figure 171. 0.2% offset yield strengths of push-to-pull micro-tensile specimens

199



Figure 168 depicts the 0.2% offset yield strengths of push-to-pull micro-tensile
specimens as a function of dose. The data mirrors that of the CRSS values
presented in Figure 167, where at 67 dpa, the lower temperature material has a
yield strength 118 MPa lower than the high temperature material on average. It
is remarkable that the yield strengths of 67 dpa material irradiated at both
temperatures are lower than that of the non-irradiated micro-tensile specimens
and the bulk yield strength of Inconel X-750 on average. This irradiation
softening can be attributed to y’ being completed disordered and dissolved at
high dose. The increase in yield strength from 67 dpa to 81 dpa for the high
temperature material can be attributed to an increasing number density of larger
3-4 nm helium bubbles as explained in [281]. The yield strength increase in the
low temperature material from 67 dpa to 81 dpa is rather unexpected. However,
only one test case exists for this irradiation condition and further tests at the
highest dose are required for a better understanding of changes in yield strength
of low temperature components.

6.2.4 Failure Strengths and Total Elongations
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Figure 172. Failure strengths of push-to-pull micro-tensile specimens

Figure 169 portraying the failure strengths of the push-to-pull micro-tensile
specimens indicates that for all irradiation conditions, minimal work hardening
occurs. The average failure strengths of the specimens are less than or equal to

200



65 MPa greater than the average yield strengths of the specimens for all doses
and irradiation temperatures. Specimens at 67 dpa appear to have slightly lower
ultimate strengths than non-irradiated specimens on average, ~75 MPa less for
high temperature components and ~160 MPa less for low temperature
components. Failure strengths were predicted to be governed by the strengths of
the grain boundaries of the specimens due to intergranular fractography images
like those in Figure 81b, but based on Figure 169, this does not appear to tell
the whole story, due to the increase in failure strengths from 67 dpa to 81 dpa.
It is suggested that deformation initiation mechanisms must play a role in
increasing the failure strengths of the irradiated components. Large helium
bubbles > 2nm are known to harden the matrix interior of the material by forcing
dislocations to bow and change paths as they flow through the material. This
may explain the behavior in the high temperature material at increasing doses
because average helium bubble size and density may continue increasing. More
tests are needed to investigate the strength mechanisms of the low temperature
material because from the material provided, only one test was able to be
performed at this irradiation condition.

The mechanical strength properties CRSS, yield strength, and failure strength
all follow the same trend as the microhardness data shown in Figure 109.
Material at high dose irradiated at the lower temperature has lower strength
properties and hardness. Due to the fact that the majority of all specimens failed
within their grain interiors, radiation hardening effects are deemed to be most
responsible for this trend.
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Figure 173. Total elongations of push-to-pull micro-tensile specimens

Before the components were irradiated, they exhibited significant ductility in all
regions not ground to be fit to size (i.e. the outer edge): 49.4% total elongation
within the inner edge and 14.2% total elongation within the center were
measured via push-to-pull micro-tensile testing. Components irradiated to 67
dpa where more specimens were tested to obtain more reliable data, ductility
losses are more severe within high temperature components, which is in good
agreement with the bulk crush data presented in Figure 108. Total elongations
have been reduced to 4.7% in the high temperature material on average, whereas
the low temperature material shows less ductility losses on average with a mean
total elongation of 18.2%.

Push-to-pull micro-tensile testing is not expected to produce ductility values
representative at the component size length scale because of the much larger
surface area to volume ratio of the specimens and the lack of a polycrystalline
microstructure. When a higher percentage of the specimens border free surfaces,
a higher percentage of dislocation slip bands and channels do not have to travel
as far before they find a free surface, producing elevated ductility compared to
bulk components, where a higher percentage of dislocation motion is in the
interior of the material and much more constrained due to the grain boundaries
surrounding most grain interiors. However, push-to-pull micro-tensile testing is
effective at trending relative changes in ductility as a function of dose and
irradiation temperature.
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Radiation embrittlement in the form of abrupt fracture after a total elongation of
1.0% along a matrix-carbide interface in 67 dpa low temperature material was
observed as shown in Figure 144. However, two high angle grain boundary
specimens also irradiated to 67 dpa at 180 °C in Figures 143 and 145 exhibited
plastic deformation within their weaker grain interiors and failed within these
grains at larger total elongations. Similar behavior was seen in one 67 dpa
specimen irradiated at 300 °C that also failed in its grain interior and not along
the grain boundary after a total elongation of 13.7%.

6.2.5 Grain Boundary Strengths

One push-to-pull micro-tensile specimen (Figure 132) and two bulk micro-tensile
specimens (Figures 159 and 160) all fabricated from the outer edge of non-
irradiated Inconel X-750 fractured within their grain boundaries. Grain
boundary failures in the outer edge region of the coil have been attributed to
excess concentrations of grain boundary carbides and n phase NisTi precipitates
and discussed at length in section 6.2.1. The failure strengths of these three
non-irradiated outer edge specimens can be treated as effective, baseline, grain
boundary strengths of the Inconel X-750 components. The high angle grain
boundary strength of the non-irradiated outer diameter push-to-pull specimen
was 1592 MPa, and the high angle grain boundary strength of the non-irradiated
outer diameter bulk micro-tensile specimen was 1684 MPa. A second bulk micro-
tensile specimen failed along its twin boundary at a stress of 1399 MPa.
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Figure 174. Hypothetical plot proposed by Griffiths [197, 228] depicting the
mechanical properties of precipitation-hardened, irradiated Ni-based superalloys
as a function of dose. All push-to-pull micro-tensile specimens either yield and
fail within their grain interiors or yield first and then fail within a grain
boundary, meaning the critical dose highlighted by the red arrow is > 81 dpa for
Inconel X-750 if this concept holds true.

Griffiths has proposed a model for the deformation behavior of irradiated,
precipitation-hardened Ni-based alloys depicted in Figure 171. This model
postulates that grain boundaries continually weaken with increased dose by
accumulating more helium bubbles within them to the point that there is a
critical dose when the grain boundary strength is lower than the yield strength
in the matrix. This model also assumes a continual decrease in yield strength of
the material with increasing dose in a much more gradual fashion [197, 228].
Based on the results displayed in Figure 168 from micro-tensile testing, the yield
strength of the material does not continually decrease. Instead, it is believed that
a yield strength minimum occurs at a critical dose when Yy’ precipitates are
completely disordered and dissolved. At doses above this critical dose, material
irradiated at higher temperatures becomes hardened by large helium bubbles
and radiation damage (dislocation loops). Material irradiated at lower
temperatures is speculated to maintain the yield strength minimum from its
critical dose at the point when Yy’ precipitates are completely disordered and
dissolved, but further experiments are needed to confirm this theory.

No push-to-pull micro-tensile specimens irradiated to 67 dpa containing grain
boundaries underwent grain boundary failure. Instead, all of them yielded and
failed within their grain interiors. Two push-to-pull micro-tensile specimens
irradiated to 81 dpa containing boundaries failed within these boundaries after
yielding, based on their test videos, high resolution SEM images, and
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stress-strain curves given in Figures 152, 154, and 155. The first specimen, a
low temperature specimen containing twin boundaries, first fractured along its
upper boundary, and this crack eventually propagated through the twin and
down to the lower twin boundary, cracking through this bottom boundary and
eventually failing. It has been suggested in [308] that crack initiation in
hydrogren embrittled, Ni-based superalloys preferentially occurs within twin
boundaries, which may explain the behavior seen in the micro-tensile specimen
in Figure 152. Although twin boundaries are preferred locations for cracks to
initiate, they do not propagate cracks well [308], which may also explain why the
crack path deviated from the initial twin boundary where it started. The twin
boundary strength of the 81 dpa specimen irradiated at 180 °C was measured to
be 1136 MPa, which is still 64-164 MPa stronger than the non-irradiated bulk
yield strength of Inconel X-750. The second, high angle grain boundary specimen
irradiated at 300 °C (Figure 154) contained a grain boundary carbide in its upper
left corner that served as a grain boundary crack initiator. Further straining of
the specimen quickly propagated the crack through the specimen’s grain
boundary leading to failure at a high angle grain boundary strength of
1267 £ 9 MPa, which is also above the yield strength of the material. Even at
81 dpa, the critical dose Griffiths has proposed where the material fails at the
grain boundary before it yields has not been reached, if this model is to be taken
as true for the behavior of high dose Inconel X-750 components. Figure 172
depicts the grain boundary strengths of Inconel X-750 measured by push-to-pull
micro-tensile testing as a function of dose. Although grain boundary strengths
do appear to be monotonically decreasing as a function of dose, even at 81 dpa,
they remain higher than the bulk yield strength of Inconel X-750.
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Figure 175. Grain boundary strengths of Inconel X-750 measured by micro-
tensile testing
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6.2.6 Resolved Normal Stresses on High Angle Grain Boundaries

Helium embrittlement of high angle grain boundaries is postulated to be the most
important degradation mechanism in high dose components responsible for
controlling their failure stresses, and compromised boundaries are predicted to
fail in a decohesive manner. Based on the measured angle of the grain boundary
with respect to the loading direction normal plane along both the top surface,
BcB-Top, and side surface, Ogs-side, presented in Table 11, resolved normal stresses
on the boundaries at the failure point for each specimen were calculated and
given in column 12. The resolved normal stress on the grain boundary at the
time of failure can be considered an effective decohesive stress acting to separate
the grain boundary. Figure 173 presents the resolved normal stresses on these
boundaries at the time of failure as a function of dose.
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Figure 176. Resolved normal stress on high angle grain boundaries at the time of
failure in push-to-pull micro-tensile specimens

The resolved normal stress on the high angle boundaries at the time of failure is
lowest for the highest dose specimen irradiated at high temperature, which was
the only specimen that incurred grain boundary failure. A trend in Figure 173
indicates that in general, specimens irradiated at 300 °C require less stress
normal to their boundaries than specimens irradiated at 180 °C to fail. If ultimate
failure in the bulk components is governed by grain boundary decohesion from
helium embrittlement, high temperature material is predicted to be most
susceptible and fail first at lower loads. Figure 108 is in good agreement with
this hypothesis because it reveals that high temperature coils have lower crush
strengths. High angle grain boundaries in high temperature, high dose material
have larger helium bubbles within them compared to low temperature material
irradiated to the same dose. When stresses are applied normal to the boundary,
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boundaries filled with larger bubbles are expected to be more compromised and
easier to pull apart.

6.2.7 Deformation Mechanisms

It is important to note that all 67 dpa specimens yielded within their grain
interiors and did not fail within their grain boundaries but instead sheared and
fractured within a dislocation slip band or dislocation channel as viewed in the
SEM during testing. This could be attributed to the fact that when deformation
initiates within the micro-scale specimens, it does not have to travel far to find
a free surface, whereas in bulk specimens, if the initial deformation begins in a
grain interior, it will intersect a grain boundary and induce a high stress point
on the boundary, leading to intergranular fracture. Nevertheless, the initiation
of deformation, meaning the yield point of the highly irradiated components,
should be considered important in understanding if the highly irradiated
components remain fit for service. Small scale mechanical testing strongly
suggests that yielding occurs within the grain interiors, and the grain boundaries
are only embrittled to the point that they fracture after traditional plasticity
occurs in specimens irradiated to 81 dpa. In these test cases where grain
boundary failure occurred in two 81 dpa specimens, a stress concentration
initiator in the form of a grain boundary carbide was required to cause boundary
failure in the high angle grain boundary. In the case of the twin boundary, it is
believed that a separate hydrogen grain boundary embrittlement mechanism
caused the boundary failure [308] and not helium bubble boundary
embrittlement. Helium bubble grain boundary embrittlement alone in an
otherwise clean boundary did not cause grain boundary failure in any push-to-
pull micro-tensile specimens.

When coupling the micro-tensile test data with high magnification images from
fracture surfaces taken from broken components, the dislocation channeling
seen in the micro-tensile tests appears to be reflected as small slip step facets
that have step sizes of several hundred nanometers within some grain interiors.
Two independent deformation failure pathways may exist in highly irradiated
components; some portion of the component fails via preferred dislocation
channels in the grain interior and another portion of the component fails in an
intergranular nature. The two deformation mechanisms are interlinked because
when dislocation channels intersect compromised grain boundaries littered with
helium bubbles, they produce significant stresses to fracture the boundary. Once
an initial boundary fracture occurs, propagation of the fracture will occur along
the boundaries at the component length scale leading to ultimate failure.

A similar type of mixed mode channel fracture in combination with intergranular
fracture has been seen in high dose austenitic alloys as presented in

[144, 295, 296, 313, 314]. It has been speculated in the literature that elevated
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local concentrations of voids and bubbles within grains may coalesce as
dislocation slip bands sweep through them. These high density cavity regions
are also believed to be the most probable sites within the material to promote
dislocation channeling in order to reduce the stored energy in the material to a
more energetically favorable state. Compromised matrix-carbide interfaces in
grain interiors as shown in Figure 144, which led to the failure of a 67 dpa low
temperature micro-tensile specimen, should also be considered as preferential
locations of deformation initiation within grain interiors. In order to confirm this
theory of transgranular channel fracture via shearing of bridges of material that
lie between a row of bubbles, Transmission Electron Microscopy (TEM) on high
dose deformed specimens with slip steps is required. This is outside the scope of
this thesis, but is strongly suggested as future work.

In high dose austenitic alloys with mixed-mode channel and intergranular
fracture, there must be a weighted percentage of grains that incur deformation
within them versus grains that show very little signs of plasticity before boundary
cracking begins and propagates. Although the push-to-pull micro-tensile work
on high dose material performed in this study samples only a limted amount of
material, it suggests that the mixed-mode deformation behavior of high dose
Inconel X-750 components is approximately ~70% dislocation channeling/slip
band events and ~30% intergranular fracture.

Direct intergranular failure mechanisms such as hydrogen embrittlement of twin
boundaries and high angle boundary fracture due to stress concentrators like
grain boundary carbides as seen in push-to-pull micro-tensile testing also need
to be considered. Although this was only seen in two test cases, these tests make
up a non-negligible portion of all high dose boundary specimens. Although no
evidence of grain boundary failure before yielding was seen in specimens
irradiated to 81 dpa, which is a promising result for the nuclear industry, the
trend of boundary strength reduction shown in Figure 172 indicates that a
higher critical dose on the order of 100 dpa may exist where this occurs.

6.2.8 Testing Challenges

The development of push-to-pull micro-tensile testing as a novel, in-situ SEM,
small-scale mechanical test to be applied to active material presented challenges
that needed to be overcome before accurate testing could be performed. Figure
174 depicts two of the most prominent issues. As shown on the left, during the
process of calibrating and aligning the Hysitron PI 85/88 Picoindenter,
specimens were noticed to have pre-deformed before testing could begin.
Ambient electrostatic forces and charging due to improper grounding of the
Picoindenter and/or stage of the FEI Quanta DualBeam may be responsible. The
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pre-determined, fixed port positions of the Pt GIS needle and Omniprobe
nanomanipulator inside the FEI Quanta DualBeam chamber do not allow for
much flexibility when performing sample mounting onto the P2P test site. A
scenario on the right of Figure 174 is shown where minor misalignments of the
equipment caused the Pt GIS needle to block the view of the P2P test site.

200 pm

5um

Figure 177. Testing challenges during the development of in-situ, push-to-pull,
micro-tensile testing. Specimens became pre-deformed prior to testing during
calibration and alignment processes (left). The port positions of the Pt GIS needle
and nanomanipulators do not allow for much flexibility within the SEM/FIB
chamber. The Pt needle is shown blocking the P2P testing site (right).

In addition, because the activity levels of the bulk material made it unsafe to
handle and all active specimens had to be cut from foils shown in Figures 94
and 95, it was difficult to control the exact position and angle of the grain
boundaries with respect to the tensile loading direction. It would have been more
desireable to perform testing on all specimens that had matching grain boundary
angles with respect to the loading direction in order to reduce testing variability.

6.3 Room Temperature Ion Irradiation Studies
6.3.1 Nanoindentation: Ion Irradiated Inconel X-750

An upper bound on the number density of helium bubbles as a result of the
increased hardness from ion irradiation can be estimated using the Friedel-
Kroupa-Hirsch model [278, 279] and the equation (105), by relating Ag,, the
change in yield strength between irradiated and non-irradiated material, using
M, the geometrical Taylor factor equal to 3.06, u, the shear modulus of
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Inconel X-750 equal to 68.26 GPa [191], b, the Burgers vector of Inconel X-750,
equal to % = 0.252 nm [328], d is the average bubble diameter = 1.5 nm for low

temperature irradiations according to [227], and N is the number density of
bubbles. This formulation relates changes in yield strength to the number
density and diameter of defects within a material. Assuming that the increase in
hardness is entirely a result of the introduction of helium bubbles places an
upper limit on the density of helium bubbles in the material because in reality
displacement damage and increases in dislocation density also play effect. By
using Busby’s relation between yield strength and hardness relation for fcc
metals in [54] given by equation (29) and converting our measured Berkovich
nanoindentation values into Vickers hardness units (Hv-controa = 606 HV,
Hy-raa = 735 HV), we arrive at an increase in yield strength of Ag, = 391 MPa.
Substituting all values into the Friedel-Kroupa-Hirsch model and solving for the
number density of bubbles gives an upper bound of N = 7.89 x 102* m-3. This is
on the same order of magnitude as the helium bubble number density of low
temperature Inconel X-750 components irradiated to 53 dpa, shown in
Figure 175 [227]. Micro-three-point bend tests performed on low temperatrure
53 dpa material reported Acg,, = 226 MPa, which is not far off from the increase
in cold helium implanted Inconel X-750 with a similar helium bubble number
density, although the displacement damage and dose rate of the ion irradiated
material is much different.

®120-280°C X 300-330°C

1x10%4

1x10% x.®
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Figure 178. Helium bubble size and density distribution for Inconel X-750
irradiated to 53 dpa (1.8 at% He) at 120-280 °C and 300 °C [227]

6.3.2 In-Situ Gripper Micro-Tensile Testing

In-situ, bulk, gripper style micro-tensile testing on non-irradiated Inconel X-750
specimens fabricated from the outer edge region of the coil fractured along their
grain boundaries. The high angle grain boundary specimen produced a boundary
strength of 1684 MPa, which was within ~100 MPa of the grain boundary
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strength of a high angle boundary measured via push-to-pull micro-tensile
testing, 1592 MPa. The two different micro-tensile testing methods produce
consistant results for the non-irradiated high angle grain boundary strength of
Inconel X-750. This suggests that size effects are negligible in this material when
shifting from a grain boundary line length of ~4-5 pm (grain boundary area of
~16-25 pm?) in the bulk micro-tensile tests down to a grain boundary line length
of ~1-2 pm (grain boundary area of ~1-4 pm?2) in push-to-pull micro-tensile
specimens.

Overall, the results given in Table 12 indicate that the outer edge region of
Inconel X-750 spacers is extremely heterogeneous. A high degree of material
variability exists in this region due to it containing a large number of carbides,
n phase NisTi precipitates, and blocky micron-sized fcc (Ti,Nb)C inclusions
forming stringers in the extrusion direction that are irregularly distributed within
~20 pm to the outer surface. This region is also expected to contain a high
dislocation density because it is the most heavily cold-worked from processing.
The total elongation results reflect this; non-irradiated specimens had total
elongations 2-3% and irradiated speccimens had a median total elongation ~1%.
The variability along the outer edge of the material is reflected in the large data
spread in the yield and failure strengths measured from bulk micro-tensile tests.

6.4 Future Work with SSMT Tensile Testing

The small scale mechanical testing studies performed on high dose Inconel
X-750 components have helped to kick start a two year spacer program funded
by the Canadian nuclear industry for research and development that will occur
at Canadian Nuclear Laboratories (CNL) on material irradiated to doses
0-84 dpa. Because CNL has Fuel and Material Cells (FMC) coupled with an active
FEI Versa 3D DualBeam instrument, full cross-sections of thinned material are
accessible. This allows for more control in sample selection. Expansion of the
capabilities of the in-situ P2P micro-tensile tests planned for the Inconel X-750
spacer program includes coupling electron backscattered diffraction (EBSD) with
advanced lift-out techniques in order to target specific grain orientations and
specific grain boundaries of interest. By performing a large area EBSD map
coupled with advanced in-plane TEM lamella lift-out techniques, any of the
following specific boundaries can be selected for testing: solution annealed twin
boundaries, deformation twin boundaries, special boundaries containing a
coincident site lattice (CSL), and randomly oriented high angle grain boundaries.
In addition, a TEM lamella containing the exact same boundary of interest can
be lifted out so that the mechanical properties of each boundary type and grain
orientation can be profiled as a function of helium bubble matrix densities and

helium bubble grain boundary area coverages. Access to a larger sample area to
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choose from also allows for full control of the grain boundary angle with respect
to the tensile loading direction. Transmission electron microscopy studies are
planned to be coupled with in-situ SEM SSMTs in order to better understand the
interplay between degradation mechanisms and mechanical properties. The
same material deformed via push-to-pull micro-tensile specimens can be thinned
for TEM and imaged.

Four push-to-pull testing geometries are suggested for future work on high dose
Inconel X-750 material. They are shown in Figure 176. The first involves testing
single-grained specimens to provide better statistics on a grain orientation
independent quantitative parameterization of the initiation of deformation,
namely the critical resolved shear strength (CRSS) of the material. The second
involves testing the decohestion strength of the grain boundaries by orienting
the grain boundary completely normal to the tensile loading direction. The third
involves a mixed-mode stress state with the grain boundary also notched and
oriented at a 45° angle with respect to the tensile loading direction. The final test
geometry involves testing the shear strength of the grain boundary by orienting
it parallel to the tensile loading direction.

Single-Grained Pure Decohesion Mixed Mode Pure Shear

Figure 179. Proposed testing geometries for future in-situ, push-to-pull micro-
tensile testing

In order to further assess irradiation effects on failure stresses, specifically grain
boundary fracture stresses, it is proposed that specimens can be sharply
notched via line profile patterning in the FIB along their grain boundaries to
induce grain boundary failure as shown in the two middle test geometries in
Figure 176. Mechanistically, if dislocation slip and traditional yielding precede
intergranular failure as seen in the 67 dpa and 81 dpa specimens studied in this
thesis, the pure shear geometry to the right of Figure 176 should force the
interaction of slip steps with the grain boundary in the specimen. A stress
concentration produced by the intersection of a slip step or dislocation channel
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with a grain boundary may be responsible for causing the intergranular failure
in cases where stepped channel failure within the grain interior does not occur.

Because the push-to-pull device is spring loaded, when the test concludes and
the flat punch indenter is unloaded, the device contracts and presses the
fracture surfaces of the specimen back in contact with each other, so they cannot
be observed. To directly observe the exposed fracture surface of each broken
micro-tensile specimen, a new lift-out, micro-tensile testing technique would
need to be developed as shown in Figure 180 for highly active material. In this
case, a dog bone tensile specimen would need to be prepared for an in-plane
style FIB lift-out. EBSD of its top surface could be performed before FIB milling
to select grain boundaries of interest to test. This lifted out, dog bone, micro-
tensile specimen would then be mounted into a Mo TEM grid post test site, with
a reverse T-shaped FIB milled slot, and secured using the Pt GIS system. Testing
would occur using a gripper similar to the one shown in Figure 110. The bottom
portion of the fractured specimen would remain attached to the TEM grid post
for post-test high resolution SEM imaging, atomic force microscopy, and
transmission electron microscopy.

Figure 180. A newly proposed lift-out micro-tensile test for highly activated
nuclear material

In order to upscale the testing of the ex-service Inconel X-750 spacers beyond
measuring individual grain interior yield points and grain boundary failure
strengths and further investigate the mechanisms driving the bulk failure of the
component, in-situ SEM meso-scale tensile testing is advised. In this case
multiple grain boundaries of various types (annealing and deformation twins,
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special boundaries, and random high angle boundaries) will all be contained in
a single specimen which is tested to failure. As this test is viewed in the SEM,
coupled with EBSD investigations, it can be determined which grain boundaries
initiate failure, as well as whether the propagation of the intergranular failure
preferentially follows certain grain boundaries as was done for hydrogen charged
Inconel 725 specimens in [308], where it was discovered that coherent twin
boundaries were most susceptible to crack initiation but most resistant to crack
propagation, suggesting that crack initiation and propagation in a hydrogen
embrittled material are governed by different processes. Because it is difficult to
independently investigate the role of hydrogen embrittlement in ex-service
Inconel X-750 spacers since they are also littered with a high density of helium
bubbles within their matrix and grain boundaries as well as other radiation
defects, it is unknown which radiation effect is the leading cause of failure and
how this effect contributes to the overall intergranular ultimate failure of bulk
coils. A meso-scale tensile testing approach using specimens ~100 pm in width
and thickness in order to capture all grain boundary types may further reveal
the order of deformation pathways and clear up this uncertainty.

Because the majority of the bi-crystalline in-situ P2P ex-service Inconel X-750
specimens did yield prior to failure and their failure points were within grain
interiors, an alternate hypothesis suggests that yielding always precedes brittle
failure in the bulk components, even at the highest doses, and that the fracture
of bulk components may not be entirely intergranular, but instead that at least
some percentage of the fracture planes fall along sharp dislocation channels
within grain interiors. In order to further investigate this hypothesis and
understand the deformation mechanisms at the onset of plasticity, it is
suggested that in situ TEM studies be considered for future work. Thin foils of
ex-service material strained in situ in the TEM would allow for visual evidence of
dislocation generation and motion and more importantly observations of
dislocations intersecting grain boundaries and how the energy dissipated in
these high stress events leads to failure. Foils could be specially designed such
that dislocations are forced to intersect grain boundaries, which is inevitable in
bulk material, in order to study this effect.

7 Conclusions

Two first of their kind, in-situ, small scale mechanical tests (SSMTs) employing
scanning electron microscopy (SEM) and focused ion beam (FIB) techniques were
invented to test ex-service Inconel X-750 components irradiated to doses of 53,
67, and 81 dpa in CANDU reactors at average irradiation temperatures of 180
°oC and 300 °C. The first, a lift-out, three-point bend test quantified the flexural
yield stresses of the components as a function of irradiation temperature and
dose. Material irradiated at the higher temperature undergoes significant yield
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strength increases up to 1 GPa, whereas yield strength increases are negligible
for material irradiated at the lower temperature (< 310 MPa). Grain boundary
cracking after yielding was observed in specimens irradiated to 67 dpa at 180
°C. The second new SSMT was a push-to-pull, micro-tensile test that quantified
the yield strengths, failure strengths, and total elongations of the components as
a function of irradiation temperature and dose. For some specimens irradiated
to 81 dpa, intergranular failure was directly observed after the specimens
yielded, so failure stresses quantify grain boundary strengths. Both novel SSMTs
also revealed significant regional differences in mechanical properties between
the inner diameter, center, and outer diameter of the spacers due to variations
in the cold working and grinding of the component that went undetected in bulk
component testing. Because all high dose 67 dpa and 81 dpa micro-tensile
specimens yielded in their grain interiors, and many of these specimens also
failed within their grain interiors, a mixed mode failure mechanism involving
dislocation channel fracture and intergranular fracture was proposed. The two
failure mechanisms are speculated to be linked because when dislocation
channels intersect compromised grain boundaries littered with helium bubbles,
they produce significant stresses to fracture the boundary. Once an initial
boundary fracture occurs, propagation of the fracture will occur along the
boundaries at the component length scale leading to ultimate failure.
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