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Abstract 

Controlled Self Assembly of Conjugated Polymer Containing Block Copolymers 

by 

Bryan McCulloch 

Doctor of Philosophy in Chemical Engineering 

University of California, Berkeley 

Professor Rachel A. Segalman, Chair 

 
The discovery and development of conjugated polymers has led to a large and 

vibrant research field due to their unique semiconducting properties and possibility of 
offering a completely new paradigm due to their abundant, lightweight, flexible and 
solution processable properties.  In particular, the optoelectronic properties of these 
materials make them very well suited to applications such as organic light emitting 
diodes or organic photovoltaics and their relatively high charge mobility also make them 
useful in organic circuits.  There are several reasons why the performance of these 
materials is presently limited compared to inorganic alternatives.  Recently, significant 
work has been done trying to improve the performance of these materials by synthetically 
tuning the electronic properties such as the band gap and energy levels.  There have been 
many other studies trying to improve intermolecular transport by enhancing crystallinity 
through annealing.  In all of these studies the performance organic electronics still tends 
to be limited because the morphology of these materials is very complex and difficult to 
optimize.  Many different length scales must be simultaneously optimized because the 
structure of a single polymer chain, their interactions with other polymer chains, the 
orientation of these chains and their degree of mixing with other components in the 
device all are extremely important to the performance of these materials.   

 
In this work, block copolymers containing conjugated polymers are used to 

optimize the morphology of these materials through self assembly processes.  Block 
copolymers can be used to produce a wide variety of thermodynamically stable 
morphologies with long range order and tunable domain sizes.  The self assembly of 
conjugated polymers using block copolymers is complicated because the delocalization 
of electrons along the backbone, which produces their interesting semiconducting 
properties, also makes these polymers rod-like, liquid crystalline and drastically increases 
their intermolecular interactions.  This thesis focuses on some of the basic issues that 
must be understood when trying to create and optimize techniques that can be used to 
produce self assembled structures containing conjugated polymers using block 
copolymers. 
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The chain shape of conjugated polymers is related to their intramolecular 

interactions and is a fundamental property of the polymer chemistry.  This contributes to 
their specific properties that make every conjugated polymer behave slightly differently, 
making it difficult to build design rules that can be used for all conjugated polymers or 
even classes of polymers.  By understanding the chain shape of these conjugated 
polymers, we can begin to understand how to tune their intermolecular interactions and 
block copolymer phase diagram.  In this work we have examined the chain shape of 
polythiophenes, one of the most commonly used classes of conjugated polymers.  We 
have also explored the use of polythiophenes in block copolymers to control the 
morphology in polymer photovoltaics.  In order to optimize the properties of these 
materials it is also important develop techniques to align the block copolymer structure 
and the conjugated polymer backbone.  This work examines the use of magnetic field 
alignment as a method to achieve these two goals.  It has been shown that high degrees of 
alignment have been achieved with easily accessible field strengths.  Additionally, work 
has been done examining methods to optimize the alignment procedure for magnetic field 
alignment of block copolymers by examining the effect of the field strength on the block 
copolymer phase behavior and through detailed work focusing on the dynamics of the 
alignment process.  By building methods to optimize the morphology of block copolymer 
containing conjugated polymers we hope see these techniques applied to increase the 
performance of polymer optoelectronics. 
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Chapter 1. Introduction 
 
Delocalization of electrons along the backbone of conjugated polymers leads to 

interesting optoelectronic properties useful to numerous applications.  In particular, 
conjugated polymers have been the source of intense investigation in field effect 
transistors (FETs), organic light emitting diodes (OLEDs) and organic photovoltaics 
(OPVs).1  Conjugated polymers can be precisely tuned through chemical modification to 
optimize their properties and are unique when compared to traditional inorganic systems 
because polymers are flexible, lightweight, created from abundant resources, can be 
solution processed and are much less expensive.  While currently applications for 
conjugated polymers may best fit mobile consumer or disposable applications, rapid 
advances in the field have given hope that these materials will be used widespread, 
increasing efficiency, reducing costs or enabling new applications in the fields of display 
technology, indoor lighting and power generation.  In order to improve the performance 
of these materials further optimization of the polymer morphology is crucial.   
 

Due to the delocalization of electrons along π-orbitals, the backbone of conjugate 
polymers is planar making them behave more rod-like than traditional polymers which 
often thought of as flexible coils.  Their rod-like nature and strong π-π interactions lead to 
liquid crystallinity and crystallinity which drastically alter their behavior, often 
decreasing solubility and increasing kinetically trapped metastable structures.  Though 
there are many synthetic challenges in discovering new and useful conjugated polymers, 
one of the major challenges in the field has been to find ways to optimize the morphology 
of these materials.2, 3   
 

FETs are one of the simplest organic electronic devices, requiring a high charge 
mobility, however improving the crystallinity and optimizing chain orientation in these 
devices is still a major field of research.  OLEDs and OPVs are even more complex 
because they require a blend of p-type and n-type organic semiconductors in the active 
layer.  For example, during the operation of an OPV many different processes must be 
simultaneously optimized in order to create an efficient device.  First, light must be 
absorbed necessitating a material with a high absorbance and a band gap well suited to 
the solar spectrum. Since conjugated polymers have a low dielectric constant, free 
charges are not formed.  Instead, a bound electron-hole pair (exciton) is formed which 
must diffuse to a junction between the p-type conjugated polymer and n-type, usually a 
fullerene derivative before the exiton decays (around 10 nm).  This requirement 
necessitates a large number of interfaces throughout the active material in order to 
separate charges efficiently.  Finally, electrons and holes must be transported through the 
bulk of the material to their respective electrodes.  To achieve this, the most common 
device architecture involves a kinetically trapped phase separated blend of an electron 
donating polymer and electron accepting small molecule which is referred to as a bulk 
heterojunction.  Ideally this morphology can achieve a large number of interfaces and 
continuous pathways throughout the material.  Unfortunately in practice it is very 
difficult to achieve this and whenever any component or process is altered, the 
morphology must be optimized.  Typically, even after optimization the bulk 
heterojunction is still limited because it is nearly impossible to achieve small domain 
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sizes and continuous pathways throughout the material because phase separation is an 
uncontrolled process and tradeoffs are always made.  As a device is annealed, the domain 
size increases, decreasing charge separation as connectivity throughout the active layer 
increases leading to better charge transport.  The performance of OLEDs also depends 
critically on the morphology of the active layer to optimize charge transport, 
photoluminescence and efficiency.  To achieve the optimum geometry, many groups 
have examined ways to create ordered bulk heterojunctions using a variety of top-down 
processes such as stamping or templating techniques4-6 and bottom up strategies taking 
advantage of self assembly processes.   

 
In this work, we study methods of controlling a bottom up approach using the self 

assembly of conjugated polymer containing block copolymers as a technique to optimize 
the morphology of these interesting materials.  Block copolymers have been used in 
numerous applications to create thermodynamically stable nanoscale structures.  They are 
made up of two chemically distinct polymer chains which are covalently bonded together.  
Depending on the strength of segregation and volume fraction of each polymer chain, 
these materials can phase separate into a wide variety of structures and the domain size of 
these structures can be easily tuned by varying the degree of polymerization.  While there 
are decades of research using block copolymers based on traditional vinyl and olefin 
based polymer, relatively little research has been done applying these concepts to the self 
assembly of block copolymers containing conjugated polymers.7   

 
The increased rigidity of the backbone in conjugated polymers and their strong 

intermolecular interactions leading to liquid crystallinity and crystallinity, drastically alter 
their behavior in block copolymers and also introduce new difficulties such as an increase 
in kinetically trapped structures.  The chain shape of many conjugated polymers is not 
well known and has not been extensively studied due to their strong intermolecular 
interactions and their relatively recent discovery.  While it is clear that conjugation along 
the backbone should stiffen these polymers it is unclear to what degree it affects the 
overall persistence length in these materials.  Balancing the complex driving forces for 
microphase separation and crystallinity is also crucial in developing new block 
copolymers containing conjugated polymers.  The self assembly of these block 
copolymers is even more complex after incorporation of n-type small molecules.  Finally, 
in order to optimize the performance of these materials it will be important to develop 
novel methods of aligning the block copolymer structure and the conjugated polymer 
within the self assembled structure.  We have studied a relatively new technique using 
magnetic fields to align conjugated polymer containing block copolymers. 
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Figure 1.1. Polymer photovoltaic device geometries 
Bilayer photovoltaic geometries are most common with small molecule organic photovoltaics and has the 
best charge transport to the electrodes but is limited because charge separation only can occur close to the 
donor-acceptor junction limiting efficiencies.  Typically polymer photovoltaics are made using bulk 
heterojunctions where a conjugated polymer is blended with a n-type small molecule.  This geometry 
ideally can lead to large number of interfaces and continuous pathways throughout the active material 
maximizing charge separation and charge transport; however, in practice it is extremely difficult to 
optimize the bulk heterojunction morphology.  Ideally, an ordered bulk heterojunction could be patterned 
or self assembled where the domain size and orientation of phase separation can be precisely controlled. 
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Chapter 1.1. Chain Shape of Conjugated Polymers 
 
Polymer chain shape is one of the most basic properties of a polymer and is 

dominated by the intramolecular interactions between monomers.8  The flexibility of a 
polymer controls many of the fundamental properties such as mechanical properties and 
impacts phenomena such as crystallization and self-assembly behavior.  Intermolecular 
interactions such as sterics, hydrogen bonding and electron delocalization influence chain 
stiffness.  Typically, classical polymers have very flexible backbones because of many 
possible configurations that have similar energetics.9  As the energetics of these 
configurations are altered by the presence of intermolecular interactions, preferred 
orientations along the backbone tend to dominate and leads to a stiffer backbone, causing 
a transition from a random coil to a rod-like polymer.   
 

Steric interactions can be very important to polymer chain stiffness causing 
polymers of similar backbones to have drastically different persistence lengths by slightly 
altering the polymer sidechain.  By introducing bulky sidechains, rotation along the 
polymer backbone becomes hindered causing rod-like behavior and imparts liquid 
crystallinity showing that changes in the intramolecular interactions can lead to drastic 
changes in the intermolecular interactions and polymer properties.10  Polypeptides have 
strong hydrogen bonding intermolecular interactions that can lead to secondary structures 
such as alpha-helixes with very long persistence lengths.11  Polyelectrolyes or other 
charged polymers can have strong coulombic interactions also resulting in increased 
polymer chain stiffness.12  Understanding polymer chain shape is a complex problem 
because many of these interactions are long range between many monomers along the 
polymer chain leading to challenges theoretically predicting persistence lengths. 

 
Conjugated polymers have increased stiffness due to the delocalization of 

electrons along the backbone, which also leads to their interesting electronic properties.  
Electron delocalization locks in a planar conformation between monomers and has been 
shown to lead to rod-like behavior and liquid crystallinity in some of these materials.13, 

14  The chain shape of these materials also has important ramifications on charge 
transport along the chain axis and intermolecular packing that can impact charge 
transport, excited state energetics and crystallization.15, 16 While delocalization of 
electrons may lead to planarity, the distance over which electron delocalization occurs is 
limited and therefore these materials have finite conjugation lengths.  The persistence 
lengths of these materials are also strongly affected by steric intramolecular 
interactions,10 chemical defects along the chain and the number of possible conformations 
that may exist.  While conjugated polymers tend to be much stiffer than traditional 
polymers, these factors lead to a wide range of persistence lengths and is one of the 
contributing reasons that conjugated polymers have a large variation in their polymer 
properties. 
 
1.1.1 Understanding Conformations of Conjugated Polymers 
 
 Polymers typically lose bond correlations quickly and appear to behave like 
flexible coils.  Between monomer segments along the backbone there are typically 
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several possible states that are accessible at room temperature.  Semi-flexible and rod-
like polymers have specific interactions that affect the energetics of these states and alter 
the population of possible conformations.  In the extreme case, a perfectly rod-like 
polymer will only have one single possible bond angle with no backbone torsion, 
however, this is effectively impossible because of thermal energy.  Conjugated polymers 
have increased stiffness because electron delocalization induces planarity along the 
backbone however there may be multiple states that are planar.  One measure of the 
degree of delocalization is the conjugation length.  The conjugation length is defined as 
the effective distance over which the electrons are delocalized and is typically estimated 
by measuring the optical band gap of a polymer while varying the degree of 
polymerization until the optical band gap asymptotes to its final value.17, 18  In literature, 
it is common to associate the conjugation length as a measure of chain stiffness because a 
longer conjugation length requires a longer average planar distance along the polymer 
backbone.  While measuring the optical properties of polymer is relatively simple, 
knowing the conjugation length is insufficient to determine the persistence length of a 
conjugated polymer. 
 
 Even in a perfectly planar conjugated polymer with no backbone torsion, if two 
different bond angles are possible, the persistence length is limited as the polymer will 
undergo a 2-D random walk.  While conjugation may encourage a planar conformation, 
there are actually a range of torsion angles that still possess some orbital overlap and 
preserve some degree of conjugation.19  This means that many conjugated polymers can 
also have relatively large average torsion angles, giving another mechanism for 
decreasing the persistence length.  Sterics also play an important roll in the chain shape of 
conjugated polymers, just as they do in all polymers.  The sidechains attached to the 
conjugated backbone to improve solubility and processing can have a large impact on the 
chain shape by altering the intramolecular interactions.  For example, in poly(phenylene 
vinylene) (PPV) and polyflourene (PF), increasing the size of the sidechains can make the 
cis conformation very unfavorable and therefore leads to one predominant conformation 
along the polymer chain.20-22  In PPV it has been shown that the persistence length can 
increase from 5 nm to over 20 nm by adding increasingly bulky sidechains.  Conversely, 
adding longer sidechains to poly(paraphenylene) (PPP) can lead to increased backbone 
torsion or in poly(3-alkyl thiophene) (P3AT) affecting both the distribution of 
conformations along the backbone and the degree of backbone torsion, leading to a 
decrease in the persistence length. 
 
 There are also geometric factors that can influence the chain shape of these 
polymers.  PPP and PF appear quite similar chemically and one may think PF should 
have a longer persistence length than PPP because essentially they are the same polymers 
however PF has a bridged linker that decreases backbone torsion, however, PPP has a 
persistence length, which is an order of magnitude longer.  This arises because PPP has a 
0° bond angle between monomers so all directional correlation between monomers is 
transmitted along the backbone even if there is significant torsion between monomers.  
PF has significantly less backbone torsion and a longer conjugation length, however, 
since there is a slight bend in the monomer structure, PF has a significantly shorter 
persistence length.  This is one example that shows that while the conjugation length may 
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be related to the persistence length, it is not sufficient to determine the chain shape of a 
polymer. 
 
 There are several methods used to measure the chain shape of polymers that can 
be applied to conjugated polymers, however, the strong intermolecular interactions and 
unique optical properties can make these techniques quite difficult in practice.  The most 
common way to measure chain shape involves scattering techniques using visible light, 
x-rays or neutrons.23-26  All of these techniques can be used to examine the correlations 
within a sample and are used to examine the size of a single polymer chain.  Static light 
scattering and x-ray scattering by using Zimm plots and Guiner plots respectively can 
access the radius of gyration of a polymer chain.  If a series of polymers with known 
degrees of polymerization are used, fundamental parameters governing chain shape such 
as the statistical segment length or persistence length can be extracted.  Unfortunately in 
both of these techniques, there is very little information gained on the structure of the 
polymer chain at the atomic level.  In light scattering the wavelength is too large to have 
the resolution to extract correlations between monomers.  In x-ray scattering, it is 
theoretically possible to resolve correlations between monomer units however the 
contrast between the solvent and polymer chain is usually too low.  Neutron scattering 
has been a powerful tool used in polymer physics to study the chain shape of polymers 
because contrast can be drastically increased by using deuterated solvents and resolution 
can be achieved to gather data about correlations along the backbone of a polymer chain, 
providing substantially more information about the polymer chain shape.  Since contrast 
can be achieved through selective deuteration, the chain shape in a polymer melt can be 
studied.  Other techniques that can be used to access information about polymer chain 
size, and therefore chain shape include dilute solution viscometry and dynamic light 
scattering.  The chain shape of conjugated polymers have been measured using all of the 
above techniques however there are significant challenges in working with these 
materials and obtaining reliable results. 
 
 Due to the strong intermolecular interactions arising from liquid crystallinty and 
strong π-π stacking in conjugated polymers, it is often difficult to decouple single chain 
statistics from interactions throughout the material.10  Often it is difficult to completely 
dissolve these polymers due to poor solubility and even when fully dispersed, 
aggregation between polymer chains is common.  In all these techniques we rely on the 
fact that there are no correlations between measured chains because it is very difficult to 
deconvolute correlations within a single chain and correlations between chains.  
Depending on the wavelength used, light scattering techniques are also difficult with 
conjugated polymers because much of the light may be absorbed by the polymer chain 
leading to systematic errors.  Finally, measurement of the persistence length of optically 
active conjugated polymers in the melt have remained elusive because of very strong 
low-angle scattering caused by correlations over very long distances.10  It is unclear what 
the source of these correlations is, however, it has been hypothesized that it may be 
caused by packing frustrations from these rod-like materials or from very strong 
intermolecular aggregation that produces order in a seemingly disordered polymer melt.  
Since measurement of the persistence lengths of these materials in the melt has remained 
elusive, nearly all measurements of chain shape have been done in solution.   



 
Figure 1.2.  Chain shape of common conjugated polymers10, 17, 18, 20-22, 27-30 
Conjugated polymers are in general stiffer than typical coil-like polymers however there is a wide range in 
their measured persistence lengths.  The persistence length is related to the conjugation length of the 
material but is also related to the geometry of bond conformations along the backbone and the sterics 
associated with the sidechains. 
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Theoretically, the quality of solvent may alter the radius of gyration, it should not 
drastically affect the observed persistence length.  In practice, depending on the specific 
interactions between the solvent and polymer chain, the persistence length can be slightly 
altered by solvent choice however these measurements give a good estimation of the 
polymer chain shape. 
 
1.1.2 Impact of Chain Shape on Conjugated Polymer Properties 
 
 The persistence length of conjugated polymers is a fundamental polymer property 
affecting its electronic, mechanical, and morphological properties.  Most importantly, the 
stiffness imparted to conjugated polymers often leads to liquid crystallinity, increasing 
the order within the material and leading to methods of increasing the overall crystallinity 
of a material.  For example, poly(2,5-bis(3-hexadecylthiophen-2-yl)thieno[3,2-
b]thiophene) (PBTTT) contains a fused thiophene ring along the backbone that 
drastically increases the backbone stiffness compared to P3ATs.  This leads to a smectic 
liquid crystalline phase and also changes the crystalline morphology.  The smectic liquid 
crystalline phase allows the polymer chains to form well ordered sheet structures since 
the smectic phase is an ordered phase with high enough mobility to overcome kinetic 
trapping that usually limits crystal size in P3ATs.  Liquid crystallinity and chain stiffness 
also alter the crystal structure to form well ordered sheets instead of crystalline fibers, 
drastically improving the charge mobility in PBTTT.31   
 
 Changes in the chain shape also have an important impact on the mechanical 
properties of the polymer.  A very stiff polymer such as Kevlar or polyimide will be 
extremely tough and thermally robust because the polymer chains can not be easily 
deformed.  In fact, PPP is often used to take advantage of these properties and is rarely 
used for any of its electronic properties.10  While stiff polymers may be useful for certain 
applications, most commonly used polymers are very flexible, useful because they are 
easily processed and have useful elastic properties.  Polymers with shorter persistence 
lengths tend to become more easily entangled, which is a critical phenomena to achieve 
tough and elastic materials.32  Because flexible polymers can sample more conformations 
and take up a smaller hydrodynamic radius, the viscosity of polymer melts is also 
dependent on the polymer chain shape such that more flexible polymers flow more easily.  
In devices such as photovoltaics, one of the major failure mechanisms is associated with 
delamination between the active layer and the metal electrodes due to thermal cycling 
soft or more flexible polymer active layers could improve this.33  It is also desired to use 
polymer electronics in applications where flexibility is very important and demands that 
the polymer not fail under large stresses.  In order to meet these challenges it is important 
to design polymers that contain all of the desired electronic properties and also are able to 
meet the mechanical requirements of the final application by balancing the degree of 
stiffness in the final material. 
 
1.2. Self Assembly of Conjugated Polymers 
 
 The nanoscale morphology, crystallinity, orientation, domain size and degree of 
mixing are all critical parameters in optoelectronic devices using conjugated polymers.  
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Block copolymer self assembly techniques can be used to create a scalable, 
thermodynamically stable material that optimizes all of these parameters.  Coil-like block 
copolymers, work has shown that the morphology of block copolymers can be optimized 
by simply altering the volume fraction of one block (φ) and the strength of segregation 
(χN) where χ is the Flory-Huggins interactions parameter and N is the degree of 
polymerization.34  The Flory-Huggins interaction parameter is related to the unfavorable 
interactions between the two different polymer blocks and is dependent on temperature.  
The wide variety of different morphologies and domain sizes only depend on these two 
simple parameters, making it possible to predict the self assembly of a wide variety of 
block copolymers.  The self assembly of block copolymers containing conjugated 
polymers is much more complicated due to the strong intermolecular interactions and 
packing constraints arising from their stiff backbone.7 
 
1.2.1 Conjugated Polymer in Block Copolymers 
 

One of the major challenges in the field of block copolymers is to incorporate 
functional polymers, which often do not have Gaussian chain shapes.  Rod-coil block 
copolymers, where one block behaves rod-like, have been constructed using a wide 
variety of other polymers including biological, charged or mechanically robust polymers 
and is not just made of block copolymers containing conjugated polymers.7  Rod-coil 
block copolymers behave fundamentally differently than the well understood coil-coil 
block copolymers.  Both systems are parameterized by the Flory Huggins interactions 
(χN) and the volume fraction of each block (φ).  In addition, rod-coil systems require two 
additional parameters; the rod-rod interactions characterized by the Maier Saupe 
parameter (μN) and a geometric scaling term to account for the difference in chain 
conformations between the rod-like and coil-like chains (ν).  These four parameters have 
been used to formulate a phase diagram for a weakly segregated rod-coil system where 
theory and experiment both show drastic differences compared to the traditional block 
copolymer phase diagram.7, 35-39   In the weakly segregated case, the rod-rod interactions 
and the reduced flexibility of the rod block stabilizes lamellar and liquid crystalline 
phases over a wide range of phase space.  It also introduces a penalty for interfacial 
curvature preventing bicontinuous, cylindrical, or spherical phases.  A hexagonal 
“hockey puck” phase replaces these phases at high coil fraction37.  Recent experiments 
have shown that the ratio of the Flory Huggins and Maier Saupe interactions (χ/μ) is also 
a relevant parameter and as this ratio increases, traditional coil-coil block copolymer 
structures with higher levels of curvature such as cylinders may be stabilized40.  Many 
works have shown complex morphologies due to differences in interactions and solvent 
processing, which may lead to kinetically trapped structures.41-45  A major challenge in 
the field of rod-coil block copolymers involves constructing systems that can reach stable 
morphologies since the rod-rod interactions can be quite strong and the rod-like block 
reduces the mobility of the system.  Because of the rigid backbone and strong rod-rod 
interactions, rod-coil block copolymers behave distinctly differently than coil-coil 
systems with different governing parameters changing the chain conformation, amount of 
interfacial curvature and observed phase diagram. 
 
1.2.2 Functional Conjugated Block Copolymers 
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There have been many areas of work where block copolymers have been used to 

enhance the performance of optoelectronic organic devices.  One strategy of optimizing 
the morphology of an OPV has been to use a block copolymer to control the domain size 
and morphology of the bulk heterojunction.46  Instead of a phase separated blend, a block 
copolymer is used containing one block uses a p-type conjugated polymer and the other 
contains an n-type small molecule.  Several groups have constructed promising block 
copolymers for photovoltaics however it appears efficiencies tend to be limited by two 
major factors; their inability to self assemble into clearly defined morphology and instead 
form kinetically trapped structures due to the highly crystalline components or the low 
charge mobilities of many organic materials, which can be used to make systems that self 
assemble more easily.  The Hadziioannou group was one of the first to construct a block 
copolymer photovoltaic by making a rod-coil block copolymer where the rod block 
consisted of poly(phenylene vinylene) (PPV) and the coil block had C60 derivatives 
attached pendant to the chain.47  This material failed to self assemble into structures with 
long range order because the C60 crystallized too strongly, kinetically trapping the 
polymer morphology and limiting control over the resulting morphology.  Another 
approach used by Thelakkat group has been to create coil-coil block copolymers where 
electron donating triphenylamine and electron accepting perylene were attached pendant 
to the chain.48 This increases the chain mobility, which allows this system to self 
assemble into block copolymer morphologies.  This work indicated that block 
copolymers could be used to form thermodynamically stable morphologies that improved 
device performance, however, the absolute efficiencies of these devices were limited by 
poor charge transport and significantly lower light absorbance of the inferior 
semiconducting small molecules compared to bulk heterojunction devices using C60 and 
conjugated polymers, such as P3HT.  In order to improve the performance of these 
devices, several groups have worked on rod-coil systems where conjugated polymer, 
P3HT, was used as the electron donor and perylene attached pendant to the coil block 
was used as the electron acceptor.49-51  These block copolymers have also struggled to 
demonstrate self assembled structures because the P3HT domain crystallizes strongly.  
Work with P3HT block copolymers has been able to improve device performance by 
controlling the phase behavior of these materials however their performance still lags 
behind P3HT/PCBM heterojunction cells.  It appears these block copolymers form 
crystalline P3HT fibrils, similar to the morphology of P3HT homopolymer,52 lying 
parallel to the electrode that ultimately limits charge transport.51  Work done on block 
copolymer photovoltaics appears promising however there are major challenges left in 
this field.  In particular, strategies must be developed to control the self assembly of these 
block copolymers, utilize rod-like conjugated polymers.  Once this is achieved, the 
impact of important parameters such as domain size, orientation and the degree of mixing 
on device efficiency can be systematically studied. 
 
1.2.3 Alignment of Conjugated Block Copolymers 
 
 While there are many exciting challenges in optimizing the morphology of block 
copolymers containing conjugated polymers, one of the major tasks will be controlling 
the orientation of the block copolymer domains and the conjugated polymer backbone.  
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To use functional block copolymers in optoelectronic devices such as photovoltaics, 
OLEDs or transistors it is crucial that the domains are aligned to improve charge 
transport.16, 53, 54  For example, if block copolymer lamella are oriented perpendicular to 
the conduction axis, nearly no current will pass through the device.  Aligning the 
conjugated polymer backbone can also improve absorbance or photoluminescence 
because optical transitions in the anisotropic backbone are very dependent on its 
orientation.  This has been shown to improve the performance of photovoltaics by 
drastically increasing absorbance or incorporating interesting new properties such as 
polarized absorbance or photoluminescence.55-58  An ideal alignment technique would 
align both the conjugated polymer and block copolymer structure. 
 
 There are many techniques that have been used to align block copolymers in the 
past included mechanical shear, surface functionalization, electric fields and magnetic 
fields.  Each of these techniques have been able to achieve very high degrees of 
alignment however all of these have their own set of strengths and weaknesses.  
Mechanically shearing, pulling or rubbing polymer samples has been the most common 
way of producing aligned polymer samples.59, 60  This usually works by stretching the 
polymer chains in the shear direction.  This technique is widely used to align 
homopolymer samples to enhance strength of materials in a particular direction and can 
easily be obtained during the extrusion of thermoplastics.  This makes it an excellent way 
to align bulk polymer samples, however, since it requires physically contacting a sample 
its application to thin polymer films may be limited.  Rubbing thin films has been used in 
the past to align conjugated polymers however this technique can physically scratch the 
films making it difficult to reproducibly obtain high quality samples.16 
 
 One of the major applications for block copolymers has been in nanopatterning 
and nanolithography where a self assembled block copolymer thin film is used to transfer 
its structure to an underlying substrate.61  In order to do this effectively, it is useful to 
align the block copolymer structure perpendicular to the surface.  Typically, the surface 
energy of the polymer-substrate or air-polymer interfaces lead to preferential wetting of 
one of the block copolymer domains causing the block copolymer to instead orient 
parallel relative to the substrate, preventing any attempt to use the block copolymer for 
nanopatterning.  By controlling the surface energy of the bottom surface and the film 
thickness, many groups have shown that block copolymers can be preferentially aligned 
perpendicular to the substrate.62  Unfortunately in many optoelectronic applications it is 
not feasible to control the surface energies because the interfaces are critically important 
in charge transport and collection so any changes will decrease performance.  This 
technique often only works for very thin films, which may be impractical for many 
applications and it may also be impossible to alter the surface energies to the degree 
needed to control alignment.   
 

Another technique to align block copolymer nanostructures has been to use an 
electric field that orients the block copolymer structure perpendicular to the field, 
minimizing the capacitive energy of the system.63, 64  Electric field alignment can achieve 
high degrees of alignment but requires extremely high fields.  Usually to obtain these 
high fields, electrodes must be deposited directly on the block copolymer sample.  It also 



12 

requires a fairly high difference in the dielectric constants between polymer blocks to 
produce a driving force for alignment.  While it may be useful in particular systems such 
as polyelectrolyes, it is difficult to apply electric field alignment to conjugated polymer 
containing block copolymers because the high field strengths required will induce very 
large and damaging currents in these materials.   

 
Finally, magnetic field alignment has been used successfully on a variety of liquid 

crystalline block copolymers, including systems with conjugated polymers.37, 65-67  
Magnetic field alignment has been widely used on liquid crystals and acts on the 
anisotropy in the magnetic susceptibility produced by the ordering of large grains made 
up of highly anisotropic rod-like molecules.  Block copolymers have been aligned where 
small molecule liquid crystals are attached pendant to the backbone of one block.  These 
small molecules can be aligned in the field, inducing alignment in the block copolymer 
structure.  Alternatively, one of the block copolymer domains can be replaced with a rod-
like liquid crystalline polymer such as a conjugated polymer.  The liquid crystalline 
conjugated polymer can be aligned in the field and templates the block copolymer 
ordering.  Both of these techniques have been shown to achieve highly aligned materials 
and work at readily accessible field strengths.  The major advantages of using magnetic 
fields are that alignment can occur without contacting the polymer sample and any 
arbitrary orientation can be achieved by simply altering the field direction.  This 
technique is well-suited to align the liquid crystalline conjugated polymers in 
optoelectronic block copolymers however there still exist a number of challenges because 
these systems often are kinetically trapped due to the strong intermolecular interactions.  
Additionally, magnetic alignment of block copolymer works best on bulk samples 
because the driving force for alignment is relatively small compared to the surface forces 
present in thin films. 
 
1.3. Motivation and Thesis Outline 
 
 Block copolymers offer a route to precisely control the morphology of conjugated 
polymers useful for optoelectronic devices.  Because of the rod-like nature of many 
conjugated polymers, the self assembly of these block copolymers is much more 
complicated than model block copolymer systems.  Conjugated polymers, due to their 
inherent backbone stiffness have strong intermolecular interactions and are often liquid 
crystalline, complicating their processing and drastically altering the block copolymer 
phase diagram.  First, we must be able to understand what affects the chain shape of 
conjugated polymers, how the chain shape of these materials impacts their properties and 
how we can actively control the stiffness of these polymers to fit our desired application.  
Only then can we start to begin how to understand to self-assemble functional block 
copolymers.  For applications such as polymer photovoltaics where a block copolymer is 
used containing both a p-type conjugated polymer and n-type small molecule, the block 
copolymer self assembly driving forces must be carefully balanced with other 
intermolecular interactions to produced the desired morphology.  Alignment in these 
block copolymer systems is also important in optimizing their performance because many 
of the optoelectronic properties such as charge transport and light absorbance are highly 
anisotropic.  In order to realize these objectives, we must have a deep understanding of 
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the complex interactions which control the block copolymer self assembly, 
intermolecular interactions from the conjugated polymer and the effects of chain shape.   
 
 This thesis will explore the fundamentals behind controlling the self assembly of 
block copolymers containing a conjugated polymer.  Chapter 2 examine the chain shape 
of one of the most commonly studied classes of conjugated polymers, poly(3-alkyl 
thiophenes) (P3ATs) and shows how these polymers are actually better thought of as 
semi-flexible chains.  Chapter 3 explores the self assembly behavior of a functional block 
copolymer containing both a p-type conjugated polymer and n-type small molecule.  
Chapter 4 demonstrates that the magnetic field used to align rod-coil block copolymers 
can also drastically affect the phase behavior, stabilizing the ordered phase.  Finally, 
Chapter 5 looks closely at the mechanisms of magnetic alignment in rod-coil block 
copolymers and demonstrates several ways to improve alignment. 
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Chapter 2. Polymer Chain Shape of Poly(3-alkyl thiophenes) in Solution Using 
Small Angle Neutron Scattering 

 
The chain shape of polymers affects many aspects of their behavior and is 

governed by their intramolecular interactions.  Delocalization of electrons along the 
backbone of conjugated polymers has been shown to lead to increased chain rigidity by 
encouraging a planar conformation.  Poly(3-hexyl thiophene) and other poly(3-alkyl 
thiophenes) (P3ATs) are interesting for organic electronics applications and it is clear that 
a hierarchy of structural features in these polymers control charge transport.  While other 
conjugated polymers are very rigid, the molecular structure of P3AT allows for two 
different planar conformations and a significant degree of torsion at room temperature. It 
is unclear, however, how their chain shape depends on variables such as sidechain 
chemistry or regioregularity, both of which are key aspects in the molecular design of 
organic electronics.  Small angle neutron scattering from dilute polymer solutions 
indicates that the chains adopt a random coil geometry with a semiflexible backbone.  
The measured persistence length is shorter than the estimated conjugation length due to 
the two planar conformations that preserve conjugation but not backbone correlations.  
The persistence length of regioregular P3HT has been measured to be 3 nm.  Changes in 
the regioregularity, sidechain chemistry or synthetic defects can decrease the persistence 
length by 60 - 70%.   
 
2.1. Introduction 

 
Delocalization of electrons along the backbone of conjugated polymers leads to 

their interesting electronic properties as well as the potential for substantially increased 
backbone stiffness.  Electron delocalization favors a planar conformation between 
neighboring monomers and has been shown to lead to rod-like behavior and liquid 
crystallinity in many of these materials.1, 2   The flexibility of conjugated polymers 
controls many of their fundamental properties such as their mechanical and 
optoelectronic properties and also impacts phenomena such as crystallization and self-
assembly behavior (micelles, block copolymers, etc.).3  Classical polymers have very 
flexible backbones because many possible configurations are populated, however, 
intermolecular interactions such as sterics, hydrogen bonding and columbic interactions 
can also affect chain stiffness. The chain shape of conjugated polymers has important 
ramifications on charge transport along the chain axis and structural defects such as 
hairpin turns have been shown to represent breaks in conjugation.4  In bulk materials, 
intermolecular packing can further impact intermolecular charge transport, excited state 
energetics and crystallization.5, 6  Delocalization of electrons along the backbone, in 
combination with steric interactions, lead to a unique mechanism affecting the chain 
shape in conjugated polymers and are relevant in understanding the complex 
morphological behavior (phase separation, crystallization, and molecular orientation) 
observed in optoelectronic devices such as organic photovoltaics, light emitting diodes 
and transistors.   
 

Even though conjugated polymers tend to be relatively rigid, there exists a wide 
range of observed persistence lengths for conjugated polymers due primarily to 
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differences in: sterics caused primarily by sidechain interactions, conjugation lengths due 
to different degrees of electronic delocalization, and geometric factors such as the bond 
angles between monomers.  The chain shape of conjugated polymers has primarily been 
studied using dilute solution light scattering.  For example, poly(2-methoxy-5-(2’-
ethylhexyloxy)-p-phenylene vinylene) (MEH-PPV) has a conjugated backbone and 
exhibits a relatively high degree of stiffness with a measured persistence length around 6 
nm.7, 8  After the addition of large bulky sidegroups, the persistence length of PPV 
derivatives can be increased to over 40 nm by sterically favoring the planar trans 
conformation.7, 8 Optical single molecule spectroscopy of conjugated polymers, pioneered 
by Barbara and coworkers, has also been used extensively to understand the conjugation 
length and arrangement of chromophores in conjugated polymers by dispersing a dilute 
concentration of polymers in a polymer matrix such as PMMA.4  While this technique 
does not directly measure the chain shape of a polymer, it gives information about the 
orientation of chromophores within a molecule and can be used to model the polymer 
chain shape.  Work done on MEH-PPV has shown that these chains appear to be semi-
flexible however do not follow a random walk and instead aggregate upon themselves 
due to the strong intramolecular π-stacking interactions.9  In the case of MEH-PPV, it has 
been suggested that the flexibility of these materials has been shown to be related to 
structural defects such as hairpin turns and chemical defects which cause a break in 
conjugation.10  Similar to MEH-PPV, polyflourene (PF) has a long persistence length of 
around 7 nm measured in dilute solution by light scattering.11  The persistence length of 
PF is also limited by a combination of finite backbone torsion and non-zero bond angles 
between monomers leading to a polymer which is relatively stiff but would still 
undergoes a random walk at high molecular weights.  Poly(para-phenylene) (PPP) is 
unique because this conjugated polymer has a single bond angle of 0° between monomers 
which leads to a long persistence length of around 28 nm limited by static bending of the 
polymer backbone even though there is significant backbone torsion and it has a shorter 
conjugation length.12-14  While conjugated polymers tend to have longer persistence 
lengths than most polymers, they still are not as stiff as many rod-like polymers such as 
some biopolymers or polymers with bulky sidechains.  For example, DNA has been 
shown to have a persistence length of around 50-70 nm.15 Conjugated polymers typically 
do not achieve comparable persistence lengths to extremely stiff polymers such as DNA 
because there are typically two possible conformations (ex: cis/trans) that preserve 
planarity and a significant amount of backbone torsion often exists since electron 
delocalization can actually tolerate some torsion along the backbone without being 
significantly affected. 
 

Poly(3-alkyl thiophenes) (P3ATs) represent one on the most studied classes of 
conjugated polymers due to their high hole mobility and a relatively low bandgap, 
however, it is still unclear how rigid these polymers are and how the persistence length of 
these polymers is affected by factors such as sidechain chemistry or regioregularity.  
P3ATs have two possible monomer conformations shown in Figure 2.1.  Both the anti 
and syn conformations preserve conjugation along the backbone by retaining the planar 
geometry however the anti confirmation is the lower energy state and is the only 
confirmation that would produce a rigid polymer backbone.16  Without any torsion 
between monomers, the backbone geometry would resemble a two dimensional random 
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walk from a distribution of anti and syn planar conformations.  Flexibility of the P3AT 
backbone, which leads to a three dimensional polymer structure, comes from a 
distribution of syn and anti conformations as well as a finite amount of torsion between 
monomers.   

 
The degree of flexibility in P3ATs has been discussed in many studies, however, 

there exist a wide range of estimates for the persistence length and it is unclear what 
influences the chain shape of these materials.  Furthermore, this wide range of persistence 
lengths makes it unclear whether P3ATs should be thought of as being a rod-like polymer.  
The first studies into the chain shape of P3ATs were carried out by Aime et al. on poly(3-
butyl thiophene) (P3BT) in nitrobenzene using small angle neutron scattering.17, 18  They 
found that the persistence length of P3BT was around 5.5 nm however there was 
scattering at low angles due to chain aggregation which may have obscured the single 
polymer chain form factor.  They also measured an increase in the persistence length to 
over 85 nm when doping with NOSbF6 attributed to increased electron delocalization.  
Heffner et al. used static light scattering and dilute solution viscometry to look at poly(3-
hexyl thiophene) (P3HT) and poly(3-octyl thiophene) (P3OT) in THF and found that the 
persistence length of these materials was around 2.1 – 2.4 nm.  These initial studies used 
FeCl3 catalyzed polymerizations which results in polymers with high polydispersity and  
relatively low regioregularity and may contain coupling defects along the backbone and 
catalytic impurities which may dope the polymer chain.19, 20  After the development of 
new synthetic techniques, the chain shape of regioregular P3HT was first studied by 
Yamamoto et al. using static light scattering where it was suggested that the persistence 
length may be as high as 30 nm.21 Single chain spectroscopy of dilute P3HT mixtures in a 
PMMA film showed that the chromophores in regiorandom P3HT are more disordered 
than regioregular P3HT suggesting that the chain shape may be more flexible for 
regiorandom P3HT.22  There have also been theoretical predictions of the persistence 
length of P3ATs using a molecular dynamics simulations which predicted persistence 
lengths as high as 86 nm but showed a large decrease of around 25% for regiorandom 
polymers.23  Conversely, recent work by on regioregular poly(3-(2’-ethyl)-
hexylthiophene) (P3EHT) block copolymers in the disordered melt using small angle x-
ray scattering combined with mean field random phase approximation theory estimated 
the persistence length to be around 6 nm.24  There are several explanations for such a 
wide range of observed values including differing synthesis techniques, solvents, 
sidechain chemistry, regioregularity and measuring techniques.  For example, strong light 
absorption over a wide range of wavelengths can make static light scattering difficult in 
polythiophenes.  It is also important to note that P3ATs have strong intermolecular 
interactions which can cause polymer chain aggregation, even at low concentrations, 
which can make it difficult to extract single chain statistics.  Studying the chain shape 
using small angle neutron scattering for polythiophenes in the melt, as well as other rod-
like or conjugated polymer systems, has been difficult because these polymers suffer 
from a large amount of low-q scattering caused by long range correlations which 
overwhelms single chain scattering.25 



 
Figure 2.1.  Polythiophene conformations and regioregularity 
Polythiophene monomers can adopt two primary conformations.  The anti conformation is energetically 
preferred to the syn conformation.  Regioregularity, which is controlled synthetically, is associated with the 
position of the sidechain on thiophene rings of adjacent monomers and influences the possible backbone 
conformations.  The head-to-tail coupling (h-t) produces less steric hindrance than the head-to-head (h-h) 
and tail-to-tail (t-t) couplings. 

 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

22 



23 

Previous studies have shown that there is a wide range of measured and predicted 
persistence lengths for P3ATs.  This may be caused by effects from regioregularity, 
synthetic defects, sidechains as well as experimental difficulties measuring the 
persistence length. Polymer synthesized through FeCl3 catalyzed routes or polymer with 
low regioregularity may have drastically different persistence lengths because of 
backbone defects or increased backbone torsion compared to the high regioregularity 
polymers synthesized today using the GRIM and Rieke methods. The sidechain may also 
affect the polymer chain shape of P3ATs.  For PPV derivatives a bulky sidechain leads to 
a stiffer polymer because it favors the trans conformation however in P3ATs as the 
sidechain increases in size, the backbone torsion may also increase leading to a less rigid 
backbone.  In this work, we set out to systematically investigate the effect of 
regioregularity, sidechain chemistry, synthetic route, solvent choice, and temperature on 
the chain shape of P3ATs.  Neutron scattering experiments show P3ATs follow random 
coil statistics, and while the backbone conjugation does impart some degree of stiffness, 
the measured persistence lengths are in the range where these materials should be thought 
of as semiflexible and not rod-like. 
 
2.2. Experimental Section 
 
2.2.1 Materials 
 
 Chemicals were purchased from Sigma-Aldrich and used without further 
purification unless otherwise noted.  Poly(3-hexyl thiophene) (P3HT), poly(3-(2’-ethyl)-
hexylthiophene) (P3EHT) and poly(3-dodecylthiophene) (P3DDT) were synthesized by 
standard procedures from literature via grignard metathesis polymerized (GRIM).26, 27  
P3HT and P3EHT were also synthesized by standard procedures from literature via a 
FeCl3 catalyzed polymerization.28  All monomers were prepared according to standard 
procedures.  Polymers were precipitated in methanol, purified by Soxlet extraction, dried 
and stored under vacuum away from light. Regiorandom P3HT and Rieke P3DDT were 
purchased from Sigma-Aldrich.   
 

A Malvern triple detector gel permeation chromatography system was used to 
measure the absolute molecular weight and absolute molecular weight distribution of 
these polymers.  A representative absolute molecular weight distribution is shown in 
Figure 2.2.  This technique utilizes an inline refractive index detector, viscometer and low 
angle light scattering detector (Malvern TDA 302 detector array) to access the absolute 
molecular weight distribution of a polymer.  A monodisperse polystyrene standard is 
used to calibrate the detector responses of the system.  THF was used as the mobile phase 
at a flow rate of 1 mL min-1.  A combination of Waters Styragel HR2, HR4 and two HR3 
columns and polystyrene standards from Polymer Source were used. 
 



 
 
Figure 2.2. P3HT molecular weight distribution 
Absolute molecular weight distribution of P3HT-1 obtained by triple detector GPC. 
 
 
Table 2.1. Characteristics of Polymer Samples 
Polymer Synthetic 

Route 
MN

a

(kg/mol) 
PDIa Regioregularity 

(%) 
P3HT-1 GRIM 15.1 1.17 >97% 
P3HT-2 GRIM 7.4 1.08 >97% 
P3HT-3 Regiorandom 40.7 1.92 58% 

P3HT-4 FeCl3 
Oxidation 63.9 2.42 79% 

P3EHT-1 GRIM 10.0 1.13 >97% 
P3EHT-2 GRIM 10.2 1.24 >97% 
P3EHT-3 GRIM 18.4 1.44 >97% 
P3EHT-4 GRIM 4.8 1.07 >97% 
P3EHT-5 GRIM 20.1 1.33 >97% 
P3EHT-6 GRIM 12.1 1.35 >96% 

P3EHT-7 FeCl3 
Oxidation 38.0 1.90 80% 

P3DDT-1 GRIM 22.9 1.32 >96% 
P3DDT-2 GRIM 32.0 1.34 >96% 
P3DDT-3 Rieke 33.4 1.57 >96% 
aBased on the absolute molecular weight distribution measured by triple detector GPC 
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1H NMR spectra were measured on a Bruker AVQ-400 spectrometer using 
deuterated chloroform solutions.  Molecular weights were confirmed by end group 
analysis from the 1H NMR spectra.  NMR was also used to confirm the chemical 
composition of the final product and to calculate the polymer regioregularity.   
Due to signal-to-noise limitations and peak broadness it is difficult to ascertain 
differences between samples with very high degree of regioregularity.  The density of 
these polymers was measured using a density gradient column (glycerin/isopropanol) to 
estimate the monomer volume.  The monomer volume of P3HT was estimated to be 
0.300 nm3, P3EHT was estimated to be 0.388 nm3 and P3DDT was estimated to be 0.466 
nm3.  A reference volume of 0.1 nm3 was assumed for statistical segment length 
calculations common with convention.  UV-Vis absorbance measurements were made 
with Varian Cary 50 instrument between 350 and 900 nm on dilute polymer solutions in 
dichlorobenzene. 
 
2.2.2 Small Angle Neutron Scattering 
 

Small angle neutron scattering (SANS) studies were conducted at the extended Q-
range small-angle neutron scattering diffractometer (EQ-SANS BL-6) line at the 
Spallation Neutron Source (SNS) located at Oak Ridge National Laboratory (ORNL).  
The measured intensity was corrected for detector sensitivity and the scattering 
contribution from the empty cells, and placed on an absolute scale using a direct beam 
measurement.  Samples were dissolved at a concentration of 2 – 5 mg mL-1 in deuterated 
solvent and stirred overnight.  A range of concentrations were measured to confirm the 
absence of significant interchain interactions which would cause low q scattering.  
Titanium sample cells with quartz windows and a 1mm path length were used. 
 
2.2.3 SANS Intensity Modeling 
  

The scattering contrast in SANS originates from different scattering cross-
sections of the deuterated solvent and the non-deuterated polymer chains.  By operating 
in the dilute polymer limit where polymer chains are not interacting, SANS can be used 
to extract information related to correlations along a single polymer chain.  Most polymer 
chains can be estimated to undergo a random walk and follow Gaussian chain statistics.  
For a random coil, the Debye function can be used to model the scattering of a single 
chain: 
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and Rg is the radius of gyration of the polymer chain.29  For a polymer undergoing a 
random walk, Rg can be replaced with an expression including b, the statistical segment 
length, and N which is the number of monomers in the chain.  Both the statistical 
segment length (b) and the degree of polymerization (N) are calculated using the 
reference volume of 0.1 nm3.  This equation is derived to correspond to monodisperse 
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polymer chains and for the remainder of this paper will be referred to as the standard 
Debye model.   
 

The scattering intensity of a polymer can be fit using the following equation: 
( ) ( ) incIqKgqI +=          (3) 

where K is a scaling factor, g(q) is the form factor of a single chain and Iinc is the 
incoherent scattering intensity which is assumed independent of q.  In theory, the scaling 
factor can be predicted from the scattering intensity, concentration and polymer 
molecular weight.  However, in this analysis K has been treated as a fitting parameter to 
account for any errors in the absolute intensity calibration and because the amorphous 
density of P3ATs is not well known. There are only three fitting parameters in the 
resulting model: the incoherent background scattering intensity (Iinc), the scaling factor 
(K), and the statistical segment length of the polymer (b) if the polymer molecule weight 
is known. 
 

The standard Debye model has been used successfully despite the finite 
polydispersity of most polymers.  If the molecular weight distribution follows an ideal 
distribution, the standard Debye model can be analytically corrected30 however often 
molecular weight distributions are non-ideal and can not be represented by a simple 
function.  To correct the standard Debye model for the effects of polydispersity, it is 
possible to numerically integrate the single chain scattering over the entire molecular 
weight distribution using the following function: 
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where wi is the weight fraction at a particular molecular and Ni is the degree of 
polymerization and g(uNi) is the standard Debye model evaluated at Ni.31  The absolute 
molecular weight distribution is characterized using triple detector GPC as shown in 
Figure 2.2.  Similar to the standard Debye model, K and Iinc have been treated as fitting 
parameters.  The model in Equation 4 will be referred to as the polydispersity corrected 
Debye model. 
 

While the Debye model for Gaussian coils should fit well for high polymers, 
deviations occur when the polymer contour length is less than or roughly equal to the 
persistence length.  This occurs for low molecular weight polymers or relatively rigid 
polymers.  The Debye model is also unable to fit data at high q values when the length 
scale probed begins to behave rod-like.  The worm-like chain model is able to account for 
these effects and for this work the approximate form for single chain scattering 
formulated by Sharp and Bloomfield is used: 
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where L is the contour length of the chain (L = nlo, where n is the number of thiophene 
monomers per chain and lo is the contour length of each thiophene monomer).32  It is 
important to note that n is the actual number of thiophene rings per chain and is not 
normalized by a reference volume.  For P3ATs, lo corresponds to the length of one 
monomer and is taken to be 0.39 nm, confirmed by theory and crystallography.18, 33 For 
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the wormlike chain model there is also a more complex form for Rg leading to the 
following expression: 
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where lp is the persistence length.34  This expression can be corrected for finite 
polydispersity similar to the polydispersity corrected Debye model shown above by 
integrating over the molecular weight distribution in a similar manner with the following 
equation. 
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While the form of this equation is more complicated, it still contains only three fitting 
parameter which is the same number as in the standard Debye model.  Random error in 
the measured scattering intensity and molecular weight distribution has also been 
propagated through this analysis. 
 

While both the statistical segment length and persistence length quantify the 
polymer chain shape, they give different values and fundamentally describe slightly 
different but related quantities.  The statistic segment length is derived to describe the 
distance between uncorrelated random walks within a Gaussian coil.  The persistence 
length describes the decay in directional correlations between monomers along the 
polymer backbone.  The statistical segment length is normalized to the monomer volume 
of the polymer and a chosen reference volume.  This makes it useful when comparing 
between polymers of different chemistry, however, the absolute statistical segment length 
depends on the chosen reference volume.  The monomer volume also depends on the 
density of the amorphous polymer which has been estimated and is a source of error.  In 
comparison, the persistence length depends on the monomer length which is well known 
and ties the value for the persistence length directly to the length over which the 
backbone is rigid, an unambiguous physical parameter.  The rest of the discussion will 
therefore focus primarily on the use of the wormlike chain model and the derived 
persistence length from this model.  It is important to note that it is possible to easily 
convert between the persistence length and statistical segment length when the polymer 
behaves as a random coil (L >> lp) because the expression for Rg of a wormlike chain 
collapses to:  
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and though algebraic manipulation the following expression can be used to convert 
between lp and b: 
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where vm is the monomer volume and vr is the reference volume (chosen to be 0.1 nm3). 
Therefore throughout the text both the persistence length and statistical segment length 
are provided for each model however a gaussian coil is assumed when converting 
between persistence length and statistical segment length.  Since the contour length of the 
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polymers studied is always much longer than the persistence length, this assumption 
should be valid. 
 

The characteristic ratio is also a useful parameter in describing the chain shape of 
these materials and is defined as: 
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for a Gaussian coil.  The characteristic ratio represents the size of a polymer chain, 
normalized by the size of the polymer chain if each monomer underwent a random walk 
and therefore can be thought of as the actual polymer chain size compared to the smallest 
possible size it could occupy if each monomer underwent a new step in a random walk. 
 
2.3. Discussion 

 
Representative small angle neutron scattering curves of P3HT in dichlorobenzene 

(DCB) are shown in Figure 2.3.  All polymer samples show similar scattering patterns 
with slight variations due to changes in molecular weight and persistence length.  The 
scattering intensity scales as q-1.96 ±0.08 which indicates that the polymer chain adopts a 
random coil geometry and is consistent with the conformation of a polymer chain in a 
theta solvent or a polymer melt.  If P3ATs behaved rod-like, the intensity should scale as 
q-1.  For a two-dimensional random walk the porod scaling is q-4/3.  If DCB was a good 
solvent and swelled a Gaussian polymer chain, the intensity should scale as q-5/3.  
Conversely, if DCB was a poor solvent causing the polymer chains to collapse, the 
intensity would instead scale as q-3.  The intensity scaling remains q-2 for all solvent and 
polymer combinations studied and the Debye model, derived for a Gaussian coil, can be 
fit to a wide region of the scattering pattern.  The Kratky plot in Figure 2.3. also shows a 
scattering pattern consistent with a Gaussian coil conformation.  At high q values the 
intensity should scale like a rigid rod (as q-1) because at high q, length scales less than the 
persistence length are being probed.  Unfortunately the scattering intensity at high q was 
insufficient to analyze due to the low polymer concentration, low scattering contrast and 
relatively low molecular weight used in these studies. 
 

Polythiophenes (and other conjugated polymers or rod-like polymers) have strong 
intramolecular interactions and poor solubility often leading to an upturn in scattering at 
low q values.17, 18  This can obscure the scattering from isolated chains and makes it 
difficult to extract useful chain shape statistics.  By using reasonably low molecular 
weight polymers, low concentrations, and solvents with high P3AT solubility the amount 
of low-q scattering has been decreased and it is only apparent at the lowest q values (< 
0.008 nm-1).  For these systems it is much more reliable to fit a model to the entire data 
set than to try to use Guinier’s law at low q to extract the polymer radius of gyration.  
Guinier analysis does give radius of gyrations consistent with our findings, however since 
it can be difficult to choose the relevant q-range this data has not been included. 
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Figure 2.3. Scattering intensity from P3HT 
a) Small angle neutron scattering (SANS) of P3HT-1 (after incoherent scattering subtraction) in 
dichlorobenzene shows that P3ATs adopt a random coil chain shape with a scaling of I ≈ q-2 over a large 
region corresponding do a gaussian coil.  b) A Kratky plot shows the typical platue which also indicates a 
random coil which can be fit using the Debye model. 
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The standard Debye model assumes monodisperse polymer chains which is a 
sufficient assumption for P3ATs polymerized using GRIM with polydispersities ranging 
from 1.05-1.3 for most polymers.  As shown in Figure 2.4 and Table 2.2, all models used 
fit the data quite well however correcting for polydispersity causes subtle changes in the 
predicted intensity because the range of molecular weights broadens the transition 
between the low q plateau (~ 0.01-0.04 A-1) and the random coil Porod scattering regime 
at higher q (~ 0.1-0.2 A-1).  The wormlike chain model results in the highest quality fit 
because it is able to account for scattering at high q (~ 0.2 A-1) by modeling the rod-like 
nature of the polymer backbone at short length scales.  Even though the wormlike chain 
model fits slightly better than the Debye model, they both provide equally valid 
information about the polymer chain shape because the Debye model is not derived to fit 
at high q.  Since the contour length of these polymers is much greater than the persistence 
length (or statistical segment length), these polymers behave as random coils leading to 
similar results between the PDI corrected Debye and Worm-like Chain models.  
Therefore either model can be used to describe the chain shape of these polymers.  For 
the remainder of the discussion, the PDI corrected Worm-like chain model will be used 
because the model offers more reliable fits since it operates over a larger range of length 
scales. 

 
Table 2.2 shows that the solvent choice between DCB and toluene does not 

significantly affect the chain shape.  While the solubility of P3EHT and P3DDT is higher 
in DCB than toluene, both solvents have high polymer solubility and the difference in 
solvent quality may not be enough to change the chain shape of these materials.  The 
Porod intensity in DCB scales as q-2.00 ±0.09 compared to P3ATs in toluene which scale as 
q-1.95 ±0.07.  It is interesting that these materials maintain the same q-2 scaling which 
indicates that the polymer chains adopt a random coil and not swollen chain architecture.  
While dichlorobenzene is one of the best solvents that exist for these polymers, it may not 
have sufficiently favorable interactions to alter the chain conformation which is 
consistent with what is known about P3AT’s strong intermolecular interactions. This is in 
contrast to polymers in good solvents where solvent-polymer interactions are more 
favorable than polymer-polymer interactions such that the chain prefers to maximize 
solvent-polymer contact.   

 
 



 
Figure 2.4.  Comparison of models for P3AT SANS 
Scattering from P3EHT-4 can be described well using any of the above models however the worm-like 
chain model is more consistent at high q-values where the length scale approaches the persistence length 
and the polymer no longer behaves like a random coil.  Curves are offset to help visualize the quality of fits. 
 
 
Table 2.2.  Model Comparison of chain shape parameters 

Polymer Solvent Debye Debye 
PDI Corrected 

Worm-like Chain 
PDI Corrected 

  b 
(nm) 

b 
(nm) 

lp 
(nm) 

b 
(nm) 

lp
(nm) 

P3HT DCB 0.8 ± 0.1 0.9 ± 0.1 3.0 ± 0.3 0.9 ± 0.5 2.9 ± 0.1 
P3EHT DCB 0.8 ± 0.1 0.8 ± 0.1 2.9 ± 0.2 0.8 ± 0.6 3.0 ± 0.1 
P3EHT Toluene 1.2 ± 0.1  0.8 ± 0.1 3.1 ± 0.2 0.9 ± 0.4 3.3 ± 0.2 
P3DDT DCB 0.7 ± 0.1 0.5 ± 0.1 1.1 ± 0.1 0.5 ± 0.4 1.6 ± 0.1 
P3DDT Toluene 0.8 ± 0.1  0.6 ± 0.1 1.4 ± 0.1 0.5 ± 0.8 1.5 ± 0.1 
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Table 2.3.  Comparison of chain shape parameters for different polymers and solvent conditions 

Polymer Synthetic 
Route Solvent lp

(nm) C∞

P3HT GRIM DCB 2.9 ± 0.1 12.1 ± 1.0 
P3EHT GRIM DCB 3.0 ± 0.1 13.3 ± 1.0 
P3EHT GRIM Toluene 3.3 ± 0.2 13.4 ± 1.3 
P3DDT GRIM DCB 1.6 ± 0.1 8.0 ± 1.3 
P3DDT GRIM Toluene 1.5 ± 0.1 7.2 ± 1.2 
P3DDT Rieke Toluene 1.5 ± 0.1 7.3 ± 1.2 

P3HT Regiorandom 
Coupling DCB 0.9 ± 0.1 4.7 ± 0.8 

P3HT Regiorandom 
Coupling Toluene 1.1 ± 0.4 5.4 ± 2.0 

P3HT FeCl3 
Oxidation DCB 1.4 ± 0.1 7.0 ± 1.0 

P3EHT FeCl3 
Oxidation DCB 0.8 ± 0.1 3.8 ± 0.6 

 
 
 

 
Figure 2.5.  Persistence length of P3ATs  
Comparison of the persistence length from the worm-like chain model shows that P3AT chain shape 
appears to be a function of sidechain chemistry and regioregularity for the polymers examined.   
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As seen in Table 2.3 and Figure 2.5, the persistence length of regioregular P3HT 
and P3EHT is 3.0 ± 0.1 nm. This is significantly longer than the persistence length of a 
flexible polymer such as polystyrene (lp = 0.92 nm)35 or  polyisoprene (lp = 0.43 nm)36. 
The characteristic ratio of these materials is also relatively high (~12-14), much greater 
than polythylene (~6.8), but only slightly more than the characteristic ratio for 
polystyrene (~10.8).37  It does not appear to affect the chain shape whether P3ATs are 
synthesized by GRIM or Rieke synthetic routes since both of these methods result in high 
regioregularity polymers with little to no defects. 
 

There are three major factors that seem to affect the chain shape in these 
materials: sidechain chemistry, regioregularity and possibly synthetic defects along the 
backbone.  There is a large decrease (~50%) in the persistence length between P3HT or 
P3EHT and P3DDT.  This is likely due to steric interactions between sidechains that 
causes either backbone torsion and/or a different population between the syn and anti 
conformations. From previous theoretical studies short sidechains should not dramatically 
affect the energetics associated with backbone conformations however long sidechains 
may have an effect on the polymer chain shape.38, 39    UV-vis absorbance spectra can be 
used to look at the conjugation length of these materials to try to elucidate which of these 
effects is more important in these materials.  Backbone torsion will result in an increase 
in the optical band gap (shorter conjugation length) and decreased persistence length.  
Both the syn and anti conformations are planar and these conformations should maintain 
conjugation along the backbone so a change in the distribution of syn and anti states can 
alter the persistence length without affecting the conjugation length.  The UV-vis 
spectrum, shown in Figure 2.8, indicates that P3DDT possesses a conjugation length 
nearly equal to P3HT. This indicates that the long sidechain may not be causing increased 
backbone torsion in P3DDT.  Instead, the fraction of monomers in the syn conformation 
may be increased which would lower the persistence length while maintaining a constant 
conjugation length.  The syn conformation may be lower in energy for P3DDT than in 
P3HT or P3EHT because the syn conformation splays the sidechains apart, possibly 
increasing the volume of which a sidechain can occupy for very long sidechains.  For 
short sidechains, the syn conformation has more steric hindrances than the anti 
conformation because the sidechains are closer together and it is the higher energy 
conformation.  Conversely, the conjugation length of P3EHT is slightly shorter than that 
of P3HT despite the fact that persistence length is unchanged.  This indicates that the 
branched sidechain close to the backbone may lead to a slight increase in backbone 
torsion.  The steric interactions in P3EHT occur close to the polymer backbone and may 
slightly favor the anti conformation because it is less sterically hindered than the syn 
conformation for a short bulky sidechain.  It is possible that P3EHT could have a slightly 
higher population of anti conformations but this effect may be offset by the slight 
increase in backbone torsion resulting in a relatively unchanged persistence length 
compared to P3HT. 
 

Regioregularity also was observed to dramatically decrease the persistence length 
of these materials.  The persistence length of P3HT was decreased around 67% between 
highly regioregular P3HT and regiorandom P3HT.  Regioregularity has been known to 
have strong effects on interchain interactions and chain packing affecting properties such 



as crystallinity.5  It also should affect the intrachain interactions by introducing large 
steric hindrances, possibly causing backbone torsion and a different distribution of syn 
and anti conformations.38  The conjugation length of regiorandom P3HT is the lowest of 
the polymers studied which may suggest that there exists a higher level of backbone 
torsion in these materials (Figure 2.8).   
 

Finally, the persistence length of P3HT and P3EHT synthesized using the 
historically relevant FeCl3 catalyzed reaction is reduced by a similar amount as 
regiorandom P3HT.  This is slightly surprising because these polymers are around 80% 
regioregular and we may have expected their persistence lengths to be somewhere 
between that of regioregular and regiorandom P3AT.  This synthesis is much less specific 
than the other synthetic routes studied and can result in polymers which have defects 
along the chain where the backbone is coupled through the 4 position rather than the 5 
position on the thiophene ring.19, 20  These defects could lead to increased steric hindrance 
or larger effective bond angles consistent with the lower observed conjugation length.  It 
also appears that the branched sidechain of P3EHT leads to a greater decrease in the 
persistence length than in P3HT when both are synthesized via the FeCl3 synthetic route 
but it is unclear if this is due to a difference in intramolecular interactions caused by the 
sidechain or a change in defect concentration arising during the synthesis of these 
materials. 
 

The chain shape of polymers can be thought of as depending on the bond angle 
and degree of backbone torsion between monomers.  The chain shape of a polymer can 
be described using the freely rotating chain model assuming fixed bond angles and no 
restrictions on torsion angles.  The persistence length for a freely rotating chain can be 
estimated using the following equation: 
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where lo is the monomer length (0.39 nm) and θ is the bond angle between monomers.  
For polythiophenes, the bond angle between monomers has been estimated to be 121.1° 
40  and leads to a predicted persistence length of 0.61 nm.  This estimate is very low and 
the error in this estimate originates from the fact that polythiophenes have two 
conformational states that are energetically preferred leading to a planar structure and 
therefore do not occupy all torsion angles equally.   
 

Instead, the chain shape can be better described using the hindered rotation chain 
model which can take into account conformations of differing entergetics: 
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where θ is the bond angle between monomers and φ is the torsion angle of rotation about 
the backbone of a monomer relative to its neighbor as shown in Figure 2.6.41  For the syn 
conformation φ = 0° and for the anti conformation φ = 180°.  The energy difference 
between these states has been calculated theoretically to be around 0.05 eV for a 
bithiophene molecule.38-40  To compute the average population as a function of angle, a 
Boltzmann distribution is assumed.  If only the syn or anti conformations are allowed and  
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Figure 2.6. Bond angles of P3ATs 
a) The bond angle (θ) between monomers has been calculated to be around 121° and is assumed to be 
relatively fixed.  The torsion angle (φ) varies between 0° for the syn conformation and 180° for the anti 
conformation shown above.  The torsion angle between monomers can vary from these conformations 
however this will affect the delocalization of electrons and impact the conjugation length. 
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no other backbone torsion angles are considered, 86% of the monomers are in the anti 
conformation at room temperature and P3AT should have a persistence length of 3.8 nm.  
It is unlikely that backbone torsion is absent because polythiophenes have broad energy 
wells centered at 0° and 180° and therefore the distribution of backbone torsion should be 
accounted for.  The energy was assumed to scale as the degree of overlap between the p 
orbitals of the thiophene monomers that should scale roughly as .  The  barrier 
height for rotation of polythiophene has been experimentally and theoretically predicted 
to be around 0.18 eV.

φ2cos

38, 39, 42  Using this simple model to include the effects of backbone 
torsion, we estimate the persistence length to be around 3.2 nm which agrees fairly well 
with our experimental observations.  Backbone torsion is important but a smaller effect 
than the distribution of syn/anti conformations on the persistence length of regioregular 
P3ATs.  Regiorandom P3ATs will have a different energy landscape because of 
increased steric interactions leading to shorter persistence lengths.38  While this model 
can account for the effect of bond angles and backbone torsion between adjacent 
monomers, it is unable to account for long range interactions such as excluded volume or 
sterics which may also important in predicting the chain shape of P3ATs. 
 

If the amount of backbone torsion is increased in P3ATs, the persistence length 
and conjugation length should decrease. Thermochromism exists in P3ATs and it has 
been shown that the optical band gap increases as temperature increases.16, 43  By 
increasing temperature, the amount of backbone torsion should increase and the 
distribution of syn and anti conformations along the backbone should also change.  Since 
the difference in energy of the syn and anti conformations is around 1.8kBT at room 
temperature, the persistence length of these materials should be relatively strongly 
temperature-dependent. As shown in Figure 2.7, both the estimated conjugation length 
and the measured persistence length decrease as temperature is increased, with the 
measured persistence length decreasing by around 40% between 40°C and 160°C.  Also 
presented in Figure 2.7, the decrease is remarkably well described by the hindered 
rotating chain using no fitting parameters.  This suggests that the rotational energetics 
that describes a bithiophene molecule may translate to P3HT and that the sterics of the 
hexyl sidechain may not dramatically affect the conformations of this polymer.  Instead 
the energetics related to the delocalization of electrons along the polymer backbone is 
responsible for its relatively stiff backbone.  The temperature dependence of P3ATs with 
varying sidechains or regioregularity may be different because of the increased steric 
interactions. This observed temperature dependent behavior is in contrast with most 
polymer persistence lengths which typically are not strong functions of temperature. In 
traditional polymers, the difference in energy between the possible conformations is often 
much less than kBT and the energy wells associated with these conformations may be 
much steeper than P3ATs since the energetics for many polymers are dominated by 
excluded volume interactions.  Polystyrene, for example, shows no change in the chain 
shape over a similar temperature range because all possible conformations are accessible 
at room temperature.44  Interactions between the solvent and polymer chain may also be 
temperature dependent causing a change in chain shape however the Porod intensity 
scaling in this study does not change as a function of temperature.     
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Figure 2.7.  Characteristic lengths of P3ATs as a function of temperature 
The persistence length of P3HT in DCB decreases as a function of temperature.  This trend can be 
predicted using the hindered rotating chain model and energetic predictions from literature.  The 
conjugation length calculated from the optical band gap12, 45, 46 also decreases as a function of temperature 
however is always greater than the persistence length. 
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The decrease in the conjugation length as a function of temperature demonstrates 
that the backbone torsion increases with temperature.  It is not known how the 
conjugation length is exactly related to the average torsion angle however the persistence 
length drops by 20% more than the conjugation length between 40°C and 160°C which 
shows that the persistence length is more sensitive to temperature than the conjugation 
length in P3HT.  While it is clear that the backbone conjugation accounts for strong 
intramolecular interactions in P3ATs, the measured conjugation length for conjugated 
polymers is not necessarily a good indicator of the chain stiffness in conjugated polymers.  
In poly(phenylene vinylene) and polyfluorene the conjugation length is usually less than 
the persistence length.8, 11, 12, 47  In these cases the steric interactions make one of the two 
possible planar conformations very unfavorable resulting in stiff polymers.  The 
electronic structure of these polymers limits the conjugation length of these materials and 
is dramatically affected by chain stiffness.  In P3HT, the opposite trend is observed where 
the average conjugation length is 3.8 nm which is around 25% higher than the measured 
persistence length.12, 45, 46  Furthermore, P3DDT has a similar conjugation length to P3HT 
but it has a much shorter persistence length.  These apparent disagreements can be 
reconciled by the fact that both the syn and anti conformations preserve the conjugation 
but do not maintain the spatial backbone correlations.  Poly(phenylene vinylene) and 
polyfluorene only have one planar conformation which is populated to a large extent.  
This makes the chains very stiff however they possess small degrees of backbone torsion 
which limits the conjugation length.  Polythiophenes also have backbone torsion which 
limits the conjugation length however have two populated planar states which preserve 
conjugation leading to a longer persistence length than conjugation length.  

 
Altering the chain shape of P3ATs may have effects on their intermolecular 

interactions, changing their liquid crystalline behavior and affecting crystallization. In 
particular, the chain shape of a polymer may impact the morphology of the polymer 
crystal. P3ATs are well known to crystallize into a fibrillar morphology.  The exact 
reason why P3AT chooses a fibrillic crystal geometry is unclear however the degree of 
backbone flexibility may allow the polymer chains to loop back into the polymer crystal 
or bridge fibrils separated by amorphous regions.  Stiffer conjugated polymers may adopt 
different crystalline morphologies more reminiscent of molecular crystals because of 
their rigid backbones.48   Increasing the rod-like behavior of P3ATs may lead to liquid 
crystalline behavior and improved the interchain ordering.  It may be possible to increase 
the persistence length of polythiophenes by fusing rings along the backbone or by 
increasing the quinodal structure.  For example, the fused thiophene rings in poly(2,5-
bis(3-alkylthiophen-2-yl)thieno[3,2-b]thiophene) (PBTTT) may lead to its liquid 
crystalline smectic phase creating a well ordered terraced crystalline morphology which 
displays very high charge transport.49, 50  Alternatively, it may also be useful to decrease 
the persistence length in order to decrease liquid crystalline interactions or improve the 
mechanical properties of thin films.  A decrease in the persistence length may cause a 
decrease in the liquid crystallinity, making it more processable.  Decreased interchain 
interactions could also change the solubility of the polymer or the solubility of small 
molecules such as fullerenes within the amorphous phase of the polymer.  The 
persistence length can likely be decreased by changing the heterocycle, leading to a more 
aromatic electronic structure.  The sidechain chemistry or regioregularity also appears to 
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have a large affect on the persistence length however it is unclear how large of a range 
the persistence length could be tuned by changing the sidechain or regioregularity and 
may be accompanied by a decrease in the material properties. 

 
Interchain interactions in the melt may cause deviations from the values derived 

from dilute solution experiments however theoretically the persistence lengths of 
polymers in dilute solution should be similar to the persistence lengths calculated in the 
melt if the polymer solutions are near the theta solvent condition.44 Efforts were made to 
study these materials in the melt however low-q scattering prevented analysis even for 
P3AT samples which were isotropic melts.  It is unclear what the source of this large 
low-q scattering is however it must be caused by correlations over large length scales and 
probably has origins similar to the low-q scattering seen in rod-like or liquid crystalline 
polymers.25   
 
2.4. Conclusions 

 
The chain statistics of P3ATs in solution have been measured using small angle 

neutron scattering and modeled using the Debye model and the Worm-like chain model.  
These materials adopt a random coil geometry and have a semiflexible backbone with a 
persistence length around 3 nm for regioregular P3ATs.  The sidechain chemistry, 
regioregularity and synthetic route can have an impact on the persistence length, 
decreasing it by as much as ~60 - 70%.  Using the known molecular geometry and a 
simple model for the intramolecular interactions, the persistence length of P3ATs and 
temperature dependence can be predicted.  The flexibility of the backbone arises from the 
distribution of syn and anti conformations as well as significant backbone torsion in 
polythiophenes.  This results in a longer persistence length than the estimated conjugation 
length, opposite of many other common conjugated polymers. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 



2.5. Appendix 

 
Figure 2.8.  Absorption maxima of polymers studied 
The conjugation length was estimated using correlations developed in literature using the following 
equation:  

041.11537.21
+−=

gEn
         (13) 

where Eg (in eV) is the measured optical bandgap and n is the monomer conjugation number.  This can be 
converted to conjugation length by multiplying by the monomer length.  This correlation was obtained 
from literature and constructed for use with chloroform however UV-vis and SANS in this study used 
dichlorobenzene.  This leads to ~2% higher measured λmax which propagates through the above correlation 
to over predict the conjugation length by around 1%.  When calculating the conjugation length at different 
temperatures, it is assumed that any changes in the optical band gap were from changes in the conjugation 
length however complex spectroscopic or electronic phenomena may cause deviations from this analysis. 
 
 

 
 
Figure 2.9. Comparison of P3HT scattering at different concentrations  
Scattering at different concentrations using P3HT-1.  No substantial difference or large amount of low q 
scattering is observed when the P3AT concentration is ≤ 5 mg/mL when normalized for concentration.  
Concentrations less than 2 mg/mL suffer from poor signal-to-noise and require substantially longer 
exposure times. 
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Figure 2.10.  Statistical segment length of P3HT as a function of TCNQ doping concentration   
TCNQ and P3HT were dissolved in DCB overnight and held at 60 °C.  A slight trend of increasing 
statistical segment length at higher doping levels may exist however it also appears that the statistical 
segment length may slightly decrease at low doping levels.  There may be an inversion point in this trend 
around the point where there is 1 TCNQ molecule per polymer chain.  It is unclear what the molecular 
mechanism for this may be.  At low doping, the dopant may cause defects along the backbone when on 
average there is less than one molecule per chain.  At higher doping levels, polarons and bipolarons may 
interact, causing the chain to stiffen.  Higher doping levels could not be studied because of polymer 
aggregation leading to increased low q scattering and an overprediction of the statistical segment length.  
Several doping systems were investigated and none produced aggregation-free solutions at high doping 
concentration.  It has also been suggested that doping should lead to stiffer polymer chains51, 52 and while 
previous work appears to show a large increase in the persistence length18, this work was unable to 
demonstrate a dramatic increase in the persistence length as a function of doping concentration.  It is 
unclear how aggregation was avoided in previous studies. 
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Figure 2.11.  Characteristic ratio of P3ATs 
Comparison of the characteristic ratio calculated from the worm-like chain model. 
 
 
 
 
 

 
 
Figure 2.12.  Conformation population from Boltzmann model 
Energy as a function of angle which was used in the hindered rotating chain model.  Using Boltzmann 
statistics, the distribution of occupied conformations is included for 40 °C. 
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Chapter 3. The Relationship Between Morphology and Performance of Donor 
Acceptor Rod-Coil Block Copolymers Solar Cells 

 
Reproduced with permission from Bryan McCulloch, Yufei Tao, Suhan Kim and Rachel A. 
Segalman. Reproduced by permission of The Royal Society of Chemistry 
(http://pubs.rsc.org/en/content/articlelanding/2009/sm/b907836c)  
 

Self-assembled functional rod-coil block copolymers (poly(3-hexylthiophene)- 
b-poly(n-butylacrylate-stat-acrylate perylene)) containing electron donor 
(poly(3-hexylthiophene)) and acceptor (perylene) moieties were synthesized, 
characterized, and studied in photovoltaic devices. The block copolymers were 
synthesized by a combination of the McCullough route towards monodisperse 
polythiophene, living radical polymerization and “click chemistry”.  The nanostructure 
was tuned via time allowed for self-assembly to control the degree of order.  As a result, 
devices with active layers which were completely disordered (molecularly mixed), contain 
short range order in which the nanodomains were molecularly pure, but were poorly 
organized or consisted of cylindrical fibrils with well-organized long range order were 
compared.  Active layers with well formed but poorly organized nanodomains had the 
highest photovoltaic efficiencies indicating that molecular scale segregation has a 
significant effect on device performance. 
  
3.1. Introduction 
 

Organic photovoltaic devices are attractive for many energy applications due to their 
inherently low materials costs, mechanical flexibility, and the promise of scalability to 
large area, light weight devices.1  In contrast to many inorganic semiconductors, organic 
semiconducting materials generate excitons (electron-hole pairs) instead of free charge 
carriers upon photoexcitation. The exciton binding energy in organic materials exceeds 
thermal energy at room temperature2 so the exciton does not separate into free charges 
spontaneously.  Instead, free charge carriers can be formed by creating an interface 
between a light absorbing electron donating species and an electron accepting material.  
The donor material has a lower ionization potential and the acceptor material has a larger 
electron affinity.  Ideally, the exciton diffuses to the donor-acceptor (D-A) interface prior 
to recombination.  Then, due to the energy difference between the donor’s highest 
occupied molecular orbital (HOMO) and acceptor’s lowest unoccupied molecular orbital 
(LUMO) energy levels, the electron will be transferred to the acceptor and the hole will 
reside in the donor.  The free charge carriers must then migrate to their respective 
electrodes to generate a photocurrent before charge recombination occurs.  

 
There are two major bottlenecks in the creation of photocurrent: charge separation and 

charge transport to the electrodes.  In order for an exciton to separate, it must find a D-A 
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interface before recombination.  Generally, even with the prolonged excitonic lifetime in 
organics, the exciton diffusion length is limited to approximately 10nm, necessitating a 
10nm lengthscale of interfaces within the active layer of the device to maximize charge 
seperation.3, 4, 5  Once separated, the electron and hole must be transported through the 
acceptor and donor phases (respectively) back to the cathode and anode.  These dual 
requirements suggest optimization through the creation of a bicontinuous morphology 
where the domain size is on a 10nm lengthscale.  Figure 3.1 schematically depicts 
possible active layer morphologies.  The bilayer morphology (Fig. 1a) is commonly 
achieved by thermal evaporation techniques, generally appropriate for small molecules.6  
This morphology provides the most direct pathway to transport electrons and holes to the 
electrodes and minimizes the recombination of the free charges, however exciton 
separation is limited to the small interfacial area.   Excitons are only separated within 
~10nm of the interface, though the light penetration depth is much greater (~100nm).  A 
bicontinuous morphology with a large amount of interfacial area would be idea, but is 
difficult to realize.  Structures created by blending of the donor and acceptor 
components7 are generally referred to as bulk heterojunction structures (Figure 3.1).  The 
interface morphology in these devices is non-equilibrium, depending on the phase 
separation of the two components.  The casting conditions, thermal histories, and 
thermodynamic interactions of these components must be tuned to create small 
lengthscale phase separation and a large amount of internal interfacial area.  The 
morphologies resulting from phase separation are necessarily difficult to tune in terms of 
connectivity to the electrodes and are subject to Ostwald ripening.  Furthermore, even 
when phase separated two component blends encompass some degree of molecular scale 
mixing which has unexpected effects on electronic properties.8  Indeed, studies of the 
relationship between morphologies in blend structures and photovoltaic performance have 
only begun to appear in the last few years 9-14  While some of the highest efficiencies to 
date have been demonstrated in bulk heterojunction devices, optimization generally 
requires combinatorial processing to achieve optimal morphologies.  It is unclear whether 
this type of processing can be scaled with similar effects.  
 

Block copolymers made by covalently linking distinct chains with electron donor and 
acceptor properties may be good candidates for solar cell applications due to their ability 
to self-assemble into structures on the 10nm length scale.  Self-assembly in classical 
block copolymers is a compromise between the immiscibility of the blocks and the penalty 
associated with stretching a chain across the interface.15  As a result, the nanodomain size 
is set by the size of the polymer and not subject to ripening.   Furthermore, the shape of 
the nanodomain can be predicted and is not a result of processing history.  Finally, the 
nandomains are molecularly pure with mixing of components only occurring in the 
immediate vicinity of the interface.  These effects promise to separate the nanodomain 
morphology of an active layer from its processing 
 



 

  
  

(a)Bilayer morphology (b)Bulk heterojunction morphology 

   
   

(c)Disordered structures 
from hindered block 

copolymer self-assembly 

(d)Poorly organized 
nanostructures can result 
from intermediate casting 

conditions with block 
copolymers 

(e)Block copolymers 
self-assembled to induce 

long range order 
(orientation with respect to 
substrate requires additional 

field induced control) 
 
Figure 3.1.  Photovoltaic Morphologies 
Numerous active layer morphologies of the electron donating and accepting components have been 
suggested in the literature.  Figures A and B are commonly used bilayer and bulk heterojunction 
morphologies.  Block copolymers can be used to form disordered structures, structures with poor order, or 
long range ordered structures. 
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history and provide a chemical purity of domains.  These properties are of interest in bulk 
heterojunction devices.  

 
While a large amount of work has been done to understand classical block copolymer 

self-assembly, the backbone conjugation that imparts a semiconducting bandgap also 
creates chain rigidity in the polymer.  Chain rigidity introduces liquid crystallinity, an 
intramolecular interaction not found in classical block copolymers.   Additionally, the 
conformational asymmetry of so-called rod-coil block copolymers provides an additional 
geometrical constraint.  Experimentally, a large number of intriguing phases have been 
observed16 including zig-zag, herringbone, and hockey puck phases, as well as cylindrical 
and spherical phases reminiscent of more classical systems.  This phase behavior is the 
subject of a few recent reviews.16, 17  The self-assembly of rod-coil block copolymers 
relies on four thermodynamic parameters: the Flory-Huggins strength of segregation (χN, 
where N is the molecular length) which parameterizes the intractions between chemically 
dissimilar blocks, the Maier-Saupe interaction relating the rod-rod alignment tendency 
(μN),  the volume fraction of coil (φcoil) and the geometrical asymmetry of the system 
(ν)18-21.  The phase diagram for a model conjugated rod-coil block copolymer system 
suggests that lamellar phases occur for a much larger range of volume fraction than in the 
classical block copolymer case22, 23 though hexagonal24-26 and spherical24, 26 phases have 
been observed under certain circumstances.  While classical block copolymers generally 
form layered morphologies with the long axis parallel to the substrate due to preferential 
wetting conditions, it appears that the kinetics of rod-coil block copolymer self-assembly 
can trap a less well ordered morphology with layers arranged both perpendicular and 
parallel from the substrate.27, 28 
 

Several groups have prepared donor-acceptor block copolymers for photovoltaics. 
29-33  Novel diblock copolymers consisting of an electron donating poly(alkoxy 
phenylene) and a coil block with pendant fullerenes demonstrated intriguing device 
performance, though the self-assembly was kinetically hindered by the presence of the 
crystallizable fullerene.   Scherf and coworkers prepared a series of diblock/triblock 
copolymers with both electron-donor and electron-acceptor blocks, which formed regular 
nanostructures in thin films.

29-32

 34-36  The use of pendant donor and acceptor groups on a 
coil-like polymeric backbone results in polymers that bear more resemblance to classical 
block copolymers.   Thelakkat and coworkers have demonstrated a 
(poly(bisphenyl-4-vinylphenylamine) - block-poly(perylene diimide acrylate)) in which 
all of the electronic functionalities are attached as sidegroups. 37-41  Backbone conjugated 
polymers, such as poly(3-hexyl thiophene) (P3HT), have higher charge mobilities.  
Recently, block copolymers incorporating poly(3-hexyl thiophene) as the donor material 
and a hybrid acceptor material made of an acrylate backbone with pendant perylene 
groups has been synthesized. 42-44  This block copolymer system has shown 
 



 
(a) 

 
(b) 

 
Figure 3.2. Block Copolymer Photovoltaic Structure 
(a) The structure of a typical block copolymer solar cell fabricated in this study.  (b) A schematic showing 
the energy levels of the components in the device. 
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improved device performance in comparison to an analogous blend, suggesting that the 
molecular scale phase separation of a block copolymer is advantageous.   
 

While several donor-acceptor block copolymers have been demonstrated, well 
organized nanostructures have been slow to appear.  If cast quickly from a 
non-preferential solvent, block copolymers do not have time to self assemble and 
molecularly mix (Figure 3.1).  If cast slowly or annealed above the glass transition 
temperature for suitable periods of time, the block copolymers may form not only the 
monodisperse, molecularly pure nanostructures generally associated with block 
copolymer self-assembly, but these nanostructures will also orient cooperatively to form 
large grains with long range order. Intermediate conditions allow for the formation of the 
monodisperse nanodomains, but the system may lack sufficient mobility to form long 
range, well defined grains (as shown in Figure 3.1). The impact of nanoscale segregation 
and long range order on device behavior is unclear.   
 

Here, a single active layer photovoltaic device based on poly(3-hexyl thiophene) 
-b-poly(n-butyl acrylate-stat-acrylate perylene) block copolymer as shown in Figure 3.2 is 
synthesized, self-assembled, and characterized by constructing photovoltaic devices. 
Regioregular P3HT is one of the most promising electron donating conjugated polymers 
with good solubility, environmental stability,45 high charge carrier mobilities and a low 
bandgap relative to most conjugated polymers.  Perylene diimide derivatives have large 
molar absorption coefficients, good electron accepting properties46,47-50 and previous 
studies suggest good photovoltaic performance both in layered and bulk heterojunction 
structures51-56.  We show that the degree of order achieved through self-assembly can be 
tuned by altering the mobility of the backbone and the time available for self-assembly. 
We find that while long range ordered self assembly can be achieved, nanostructures 
consisting of well-defined interfaces but lacking periodic block copolymer structure 
perform better.  The statistical polymerization of the perylene precursor with 
non-functional butyl acrylate improves chain mobility and the kinetics of self-assembly, 
but increased amounts of butyl acrylate reduce the performance of the device, as expected.  
This demonstrates that well controlled domain sizes and a decrease in molecular mixing 
that is a result of self assembly is advantageous.  We postulate that the poor performance 
of the sample with long range continuity of the nanostructures performs poorly due to the 
misorientation of these domains resulting in limited charge transport.  
 
3.2. Experimental Methods 
 
3.2.1 General methods.  All reactions were carried out under air free (N2) conditions 
unless otherwise specified.  NMR spectra were recorded on Bruker DRX-500.  
Analytical SEC in THF was performed at 35˚C at a nominal flow rate of 1.0 mL/min on a 
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chromatography line calibrated with linear polystyrene standards. Film thicknesses were 
determined with a Rudolph Technologies ellipsometer on silicon wafers.  
 
3.2.2 Materials.  (4-(azidomethyl)phenyl)methanol57, 3-(trimethylsilyl)prop-2-ynyl 
acrylate58 ethynyl-terminated P3HT (4)59, 60 and azide substituted asymmetric perylene 
bisimide (7) were synthesized according to references.  All other reagents were obtained 
from Aldrich and used as received.  
Synthesis of 4-(azidomethyl)benzyl 2-bromopropanoate, 1.  A solution of 
(4-(azidomethyl)phenyl)methanol (1.63g, 10 mmol) and Et3N (2.1 mL, 15 mmol) in Et2O 
(20 mL) was cooled to 0 °C and a solution of 2-bromopropanoyl bromide (1.61 mL, 15 
mmol) was added drop wise over 10 min.  The mixture was stirred at 0 °C for 1 hr and 
then at ambient temperature overnight.  The reaction mixture was quenched with 50 mL 
of water, extracted with ether, and then dried over MgSO4.  The volatiles were removed 
under reduced pressure and the crude product was purified by flash chromatography (SiO2, 
Rf=0.50 Hexane:EtOAc 8:2). Obtained 2.6 g (0.90 mmol, 90%) of (1) as liquid.  
1H NMR (CDCl3) δ: 1.81 (d, J=9.0 Hz, 3H, CH3-CH2), 4.35 (s, 2H, CH2-N3), 4.41 (q, 
J=7.0 Hz, 2H, CH2-Br), 5.20 (d, J=4.0 Hz, 2H, CH2-O-), 7.31 (d, J=7.5 Hz, 2H, Ar), 7.39 
(d, J=7.5 Hz, 2H, Ar). 13C NMR (CDCl3) δ: 21.57 (1C, CH3), 39.86 (1C, CH2-Br), 54.37 (1C, 
CH2-N3), 67.05 (1C, CH2-O-), 128.41 (2C, Ar), 128.59(2C, Ar), 135.66 (1C, C-CH2-N3), 
135.66 (C-CH2-O-), 169.97 (1C, C=O).  
 
General polymerization procedure. Synthesis of (3a-c).  In a typical experiment, 
N,N,N’,N’,N” –pentamethyldiethylenetriamine (PMDTA) ligand (17.3 mg, 0.10 mmol), 
initiator (1) (29.8 mg, 0.10 mmol), 3-(trimethylsilyl) prop-2-ynyl acrylate (2) (280 mg, 1.5 
mmol), n-butyl acrylate (768 mg, 6.0 mmol) and a magnetic stirrer were introduced into a 
dry 10 mL round-bottom flask.  The round flask was subjected to 3 freeze-pump-thaw 
cycles. CuBr (14.3 mg, 0.1 mmol) catalyst was added into the flask while the contents 
were in a solid state and deoxygenated by vacuum followed by back filling with nitrogen 
two times.  The flask was placed in an oil bath set at 60 °C for 1 hr, cooled to room 
temperature, and then aliquots were withdrawn for characterization.  Conversions were 
calculated via 1H NMR by comparing the integrals of the monomer CH2-O- signals (4.77 
ppm from 3-(trimethylsilyl) prop-2-ynyl acrylate and 4.15 ppm from n-butyl acrylate) to 
the peak of polymer CH2-O- signals (4.65 ppm from poly (3-(trimethylsilyl) prop-2-ynyl 
acrylate) and 4.05 ppm from poly( n-butyl acrylate)).  The molecular weight of the 
polymer was calculated by 1H NMR by comparing the integral of the the peak of polymer 
CH2-O- signals (4.65 ppm from poly (3-(trimethylsilyl) prop-2-ynyl acrylate) and 4.05 
ppm from poly( n-butyl acrylate)) to that of the CH2-N3 group connected to the aromatic 
ring, at 4.35 ppm.  Polydispersities were calculated from SEC using polystyrene 
standards. 
3a: conversion: 67% (from NMR). Mn= 7388 (NMR) Mn/Mw=1.22 1H NMR (CDCl3) δ: 
0.18 (s, Si(CH3)3), 0.95 (s, CH3), 1.38 (s, aliphatic H), 1.60-1.73 (m, aliphatic H), 1.93  



 
(a) 

 
(b) 

 
Figure 3.3.  Synthetic Scheme of Block Copolymer 
Synthesis route of the P3HT-b-poly(BA-stat-PerAcr) block copolymers. BA = n-butyl acrylate, PerAcr = 
acrylate unit with perylene diimide side group.   
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(a) 

 
8a 

(b) 

 
8b 

(c) 

 
8c 

Figure 3.4. Chemical structures for block copolymers  
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(m, aliphatic H), 2.28-2.41 (m, aliphatic H), 4.05 (s, CH2-CH2-O- ),4.35 (s, CH2-N3), 4.65 
(s, C≡C-CH2-O-), 7.32-7.36 (m, aromatic H). 
3b: PMDTA (17.3 mg, 0.10 mmol): (1) (29.8 mg, 0.10 mmol): (2) (280 mg, 1.5 mmol): 
n-butyl acrylate (384 mg, 3.0 mmol): CuBr (14.3 mg, 0.1 mmol). Conversion is 66% 
(from NMR). Mn= 4728 (NMR) Mn/Mw=1.25  
3c: PMDTA (69.2 mg, 0.40 mmol): (1) (119 mg, 0.40 mmol): (2) (1120 mg, 6 mmol): 
CuBr (57.2 mg, 0.4 mmol). Conversion is 80% (from NMR). Mn= 2542 (NMR) 
Mn/Mw=1.32 1H NMR (CDCl3) δ: 0.18 (s, Si(CH3)3), 1.60 (s, aliphatic H), 1.73 (s, 
aliphatic H), 1.93 (s, aliphatic H), 2.41 (s, aliphatic H), 4.35 (s, CH2-N3), 4.65 (s, 
C≡C-CH2-O-), 7.32-7.36 (m, aromatic H).     
 
Synthesis of (5a-c).  Without purification of 3a, 200 mg ethynyl-terminated P3HT (4) 
(Mn=5300 (NMR), Mn/Mw=1.15) were added into the flask.  The round flask was 
subjected to 3 freeze-pump-thaw cycles before adding 5 mL anhydrous THF and 
sonicating for 2 hrs.  After reaction, the solution was passed through a column of neutral 
alumina to remove the catalyst.  The desired polymer was precipitated by adding 
methanol solvent to the solution. NMR confirms the quantitative production of the desired 
block copolymer with a 1,2,3 triazole bridge, as shown in Figure 3.3. 
5a: Mn= 12600 (NMR) Mn/Mw=1.23 1H NMR (CDCl3) δ: 0.18 (s, Si(CH3)3), 0.91 (m, 
CH3), 1.35 (s, aliphatic H), 1.44 (s, aliphatic H), 1.60 (s, aliphatic H), 1.70 (s, aliphatic H), 
1.93 (s, aliphatic H), 2.29-2.41 (m, aliphatic H), 2.80 (s, aliphatic H), 4.05 (s, 
CH2-CH2-O- ),4.65 (s, C≡C-CH2-O-), 6.98 (s, thiophene H) 7.32-7.36 (m, aromatic H). 
5b: Mn= 10040 (NMR) Mn/Mw=1.26  
5c: Mn= 7845 (NMR) Mn/Mw=1.33 1H NMR (CDCl3) δ: 0.18 (s, Si(CH3)3), 0.91 (s, CH3), 
1.35 (s, aliphatic H), 1.44 (s, aliphatic H), 1.60 (s, aliphatic H), 1.70 (s, aliphatic H), 1.93 
(s, aliphatic H), 2.41 (m, aliphatic H), 2.80 (s, aliphatic H), 4.65 (s, C≡C-CH2-O-), 6.98 (s, 
thiophene H) 7.32-7.36 (m, aromatic H). 
 
Synthesis of (6a-c). Polymer 5a (100mg) was dissolved in dry THF (10 mL), bubbled with 
nitrogen for 10 min, and then cooled to 0 °C.  After addition of tetrabutylammonium 
fluoride (1.0 M, 0.1 mL) to the solution, the mixture was stirred for addition 10 min.  The 
polymer was precipitated in methanol to give 6a. 
6a: Mn= 11820 (NMR) Mn/Mw=1.25 1H NMR (CDCl3) δ: 0.91 (m, CH3), 1.35 (s, aliphatic 
H), 1.44 (s, aliphatic H), 1.60 (s, aliphatic H), 1.70 (s, aliphatic H), 1.93 (s, aliphatic H), 
2.29-2.41 (m, aliphatic H), 2.50 (s, C≡CH), 2.80 (s, aliphatic H), 4.05 (s, CH2-CH2-O- ), 
4.65 (s, C≡C-CH2-O-), 6.98 (s, thiophene H) 7.32-7.36 (m, aromatic H). 
6b: Mn= 9260 (NMR) Mn/Mw=1.28  
6c: Mn= 6918 (NMR) Mn/Mw=1.34 1H NMR (CDCl3) δ: 0.91 (s, CH3), 1.35 (s, aliphatic 
H), 1.44 (s, aliphatic H), 1.60 (s, aliphatic H), 1.70 (s, aliphatic H), 1.93 (s, aliphatic H), 
2.41 (m, aliphatic H), 2.50 (s, C≡CH), 2.80 (s, aliphatic H), 4.65 (s, C≡C-CH2-O-), 6.98 (s, 
thiophene H) 7.32-7.36 (m, aromatic H).  



 
 

  
Figure 3.5. Block Copolymer GPC 
GPC trace of 8a using a UV photodiode array detector showing absorbance intensity versus wavelength and 
molecular weight indicating the successful coupling of P3HT and a perylene diimide containing polyacrylate.   
The trace homopolymer P3HT has a molecular weight of ~4,000g/mol and a peak absorption at 453 nm.  
The block copolymer has an expected molecular weight ~20,000g/mol and narrow polydispersity.  This 
block copolymer also has the expected multiple absorption peaks, including characteristics of both the P3HT 
block (absorption maximum at 453 nm) as well as perylene diimide (absorption maximum at 485 nm).   
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Table 3.1.  Block Copolymer Compositions 

polymer Nperyelen Nbutyl acrylate  Mn (NMR) Mn/Mw(SEC) 
3a 10 40 7388 1.22 
3b 10 20 4728 1.25 
3c 12 0 2542 1.32 
5a 10 40 12600 1.23 
5b 10 20 10040 1.26 
5c 12 0 7845 1.33 
6a 10 40 11820 1.25 
6b 10 20 9260 1.28 
6c 12 0 6918 1.34 
8a 10 40 20200 1.26 
8b 10 20 17640 1.27 
8c 12 0 16974 1.26 
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Synthesis of (8a-c). Polymer 6a (118 mg, 0.01 mmol), CuBr (7.1 mg, 0.05 mmol), and 
azide substituted asymmetric perylene biimide (7) (125 mg, 0.15 mmol) were introduced 
into 25 mL round-bottom flask, which was fitted with a stopper.  The flask was evacuated 
and back-filled with dry nitrogen three times.  After the evacuating cycles, dry THF (10 
mL) and PMDTA (8.6 mg, 0.05 mmol) were added.  The reaction mixture was sonicated 
for 2 h.  After reaction, the solution was passed through a column of neutral alumina to 
remove the catalyst.  The desired polymer was precipitated in acetone three times to 
remove the excess of azide substituted asymmetric perylene bisimide.  In order to study 
the effect of adding butyl acrylate to the backbone of the electron accepting block, the 
number of perylene units was kept at around 10 to keep the ratio of the donor and acceptor 
monomer units constant in all samples 8a-c.  The ratio of butyl acrylate to perylene was 
increased from 0 to 4 from 8a to 8c.   
8a (PTP4AP): Mn= 20200 (NMR) Mn/Mw=1.26 1H NMR (CDCl3) δ: 0.82 (s, CH3), 0.91 (s, 
CH3), 1.19-2.41 (m, aliphatic H), 2.80 (s, aliphatic H), 4.05 (s, CH2-CH2-O- ), 4.65 (s, 
C≡C-CH2-O-), 5.02 (s, aliphatic H), 6.98 (s, thiophene H) 7.32-8.20 (m, aromatic H). 
8b (PTP2AP): Mn= 17640 (NMR) Mn/Mw=1.27  
8c (PTPP): Mn= 16974 (NMR) Mn/Mw=1.26 1H NMR (CDCl3) δ: 0.82 (s, CH3), 0.91 (s, 
CH3), 1.19-2.41 (m, aliphatic H), 2.80 (s, aliphatic H), 4.65 (s, C≡C-CH2-O-), 5.02 (s, 
aliphatic H), 6.98 (s, thiophene H) 7.32-8.20 (m, aromatic H). 
 
3.2.3 Devices Fabrication and Measurement.  Prepatterned 150 nm sputtered 
ITO-coated (20Ω m-1) glass substrates were obtained from Thin Film Devices, Inc. The 
substrates were cleaned by ultrasonication for 20 min in acetone, and then 2% Helmanex 
soap in water for 20 min.  This cleaning was followed by extensive rinsing and then 
ultrasonication with deionized water and then 2-propanol.  A final 10 min oxygen plasma 
treatment completed the substrate cleaning.  A 40 nm thick film of 
poly(styrenesulfonate)-doped poly(3,4-ethylene dioxythiophene) (PEDOT/PSS) 
(Baytron-P) was spin-coated onto the cleaned glass/ITO substrate at a rate of 4000 rpm 
and baked for 1h at 125°C.  All procedures after this point were performed in an 
inert-atmosphere glove box.  For spun cast devices, solutions of block copolymers (10 
mg mL–1 in toluene) were applied to the substrate and spun at 1000 rpm for 60 s. For drop 
cast devices, solutions of block copolymers (0.5 mg mL–1 or 1 mg mL-1 in toluene) were 
used to flood the substrate which was then covered to reduce the evaporation rate of the 
solvent and allowed to dry.  Solvent annealing was accomplished in a saturated vapor 
environment and upon completion of annealing, the vapor was allowed to flash quickly off 
of the sample.  Contacts on the ITO anode were created by mechanically removing some 
of the organic film.  Substrates were then held under high vacuum (10–7 torr) for 4 hrs to 
facilitate removal of remaining solvent prior to evaporating 100 nm of Al through a 
shadow mask at a rate of 0.1–0.5 nm s–1.  During the evaporation, samples were rotated at 
1Hz to ensure even metal deposition.  The configuration of the shadow mask afforded 
eight independent devices on each substrate and one control connection between the Al 
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and the ITO substrate.  Devices were left to cool to room temperature before further 
processing.  Device testing was performed under an argon atmosphere with an oriel 
xenon arc lamp with an AM 1.5G solar filter.  Current–voltage data was measured with a 
Keithly 236 SMU.  Reported efficiencies are averages from all eight devices on each 
substrate. 
 
3.2.4 Transmission Electron Microscopy.  Samples for top view transmission electron 
microscopy (TEM) were prepared by either spin-casting films from toluene solutions (10 
mg mL–1) or drop casting films from toluene solution (0.5 mg mL–1 or 1 mg mL-1) onto a 
silicon wafer covered with a thin layer of PEDOT:PSS to mimic the device conditions.  
The slow dissolution of PEDOT:PSS in a water bath allowed for the release of the block 
copolymer films from the silicon wafer.  Films were then retrieved on top of 500-mesh 
copper TEM grids.  To create TEM contrast, the P3HT domains were preferentially 
stained by exposure to I2 vapor for 4 hrs or RuO4 vapors for 10 minutes.  Preference of 
these stains for P3HT was confirmed via staining and subsequent imaging of large scale 
blend samples (not shown).  TEM images were obtained on a FEI Tecnai 12 (200 kV, 
bright-field) using the internal charge-coupled device (CCD) camera.   
 

Samples for cross-sectional TEM were prepared by drop casting films from toluene 
solution (0.5 mg mL–1 or 1 mg mL-1) onto a silicon wafer covered with a thin layer of 
PEDOT:PSS.  In this case, the P3HT domains in the films were stained for one day using 
RuO4 vapors to insure even staining throughout the depth of the film.  A thin 
cross-sectional TEM sample of a drop cast film was prepared by the “Shadow Focused Ion 
Beam” method.61  TEM images were obtained on a Zeiss LIBRA 200MC (200 kV, 
bright-field) using the internal charge-coupled device (CCD) camera. 
 
3.2.5 Atomic Force Microscopy.  Samples for atomic force microscopy (AFM) were 
prepared by either spin-casting or drop casting polymers from toluene solution onto 
PEDOT:PSS onto (100) silicon wafers. AFM samples were analyzed on a Digital 
Instruments MultiMode AFM operating in Tapping ModeTM. 
 
3.3. Results and Discussion 
 
3.3.1 Synthesis of Block Copolymers.  Conjugated block copolymers have been 
previously prepared by either a macroinitiation approach29, 62 or a coupling approach63-65.  
When the conjugated chain is used as the initiator for the polymerization of a second block 
(usually via a living polymerization route), controlled polymerization is achievable, but 
characterization of the molecular weights and chemical integrities of the individual blocks 
after polymerization is difficult.   Furthermore, exposure of the conjugated block to the 
polymerization conditions of the second block can lead to higher polydispersities, 
side-reactions, and degradation.  By contrast, coupling reactions allow each block to be 
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synthesized and characterized separately, but a balance must be found in which the 
coupling reaction is high yield and the resulting block copolymer is easily separable from 
its constituent homopolymers, but does not result in side-reactions.  Here, well defined 
functional rod-coil block copolymers containing electron donor and acceptor moieties 
with narrow molecular weight distributions are synthesized by a combination of living 
free radical polymerization and two “click chemistry” steps as shown in Scheme 1 
utilizing the coupling approach. 
 

Atom transfer radical polymerization (ATRP) of a protected alkyne functionalized 
monomer with an azide end functionalized initiator yielded a monodisperse (PDI~1.2) 
polymer (3).  Click chemistry was then used to couple the P3HT rod (4) to the 
polyacrylate chain (3).  The high efficiency of this coupling reaction allowed for very 
mild reaction conditions which helped to preserve the chemical integrity of the individual 
blocks.  Care was taken to remove the catalyst and any unreacted azide functionalized 
P3HT.  The alkyne functionalities on the block copolymer were then deprotected to yield 
a defined number of sites to which further functionalities could be attached(6).  In this 
case, electron acceptors were attached via another click chemistry step.  
 

4-(azidomethyl)benzyl 2-bromopropanoate (1) was chosen as the ATRP initiator.   
The number average molecular weight (Mn(NMR)) of the corresponding polymers was 
determined by using both the benzylic and aromatic protons as internal 1H NMR standards. 
This initiator (1) was prepared in a single step from (4-(azidomethyl)phenyl)methanol and 
2-bromopropanoyl bromide as shown in Scheme 1a.  The homo- and copolymerization of 
3-(trimethylsilyl) prop-2-ynyl acrylate (2) and n-butyl acrylate with the initiator in the 
presence of a CuBr/PMDTA31 catalyst yielded good control over the polymer molecular 
weight and molecular weight distribution (Table 3.1).  Adding n-butyl acrylate to the 
polymerization should decrease the glass transition temperature of this block and increase 
its self-diffusion coefficient.   The azide end-group is stable under the ATRP reaction 
conditions, as verified by comparing the ratios of the aromatic protons to azide connected 
benzylic protons via 1H NMR.  
 

Ethynyl terminated P3HT was prepared according to the McCullough methods58.  
Low polydispersity ethynyl terminated P3HT (4) (Mn=5300 (NMR), Mn/Mw=1.15) was 
synthesized by terminating the P3HT with a Grignard reagent (ethynylmagnesium 
chloride).  Ethynyl terminated P3HT (4) was then added to (3).  Since polymer (4) 
dissolves only very slowly in THF, sonication was used to promote the solubilization.  
The two polymer building blocks (3 and 4) were coupled via 1,3-dipolar cycloaddition 
reactions between the azide and alkyne end groups using CuBr and PMDTA66, 67, forming 
block copolymer (5).  The coupling reactions were finished within 2 hours by monitoring 
the disappearance of homopolymer (4) with SEC.  The block copolymer contains trace 
amounts of unreacted P3HT homopolymer and acrylate homopolymer which are easily 
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distinguished from our target block copolymer (Figure 3.3).  After the reaction, the 
polymer solution was filtered through a neutral alumina column twice to remove the 
copper catalyst.  The excess homopolymer (3) and monomers were easily removed by 
precipitating in methanol.  
 

The trimethylsilyl sidechain protecting group was removed quantitatively using 
tetrabutylammonium fluoride (TBAF) as verified by 1H NMR.  Completion of the 
deprotection was confirmed by the disappearance of Si(CH3)3 (0.18 ppm) protons and the 
appearance of C≡CH (2.50 ppm) in 1H NMR spectra.  We also note that if the copper 
catalyst was not completely removed from polymer (5) after previous reaction steps, 
coupling reactions in the polymer were observed during deprotection (as seen in SEC).  
In all of the polymers in this study, great care was taken to remove trace catalyst so that no 
coupling was apparent. 
 

Azide substituted asymmetric perylene diimide groups (7) were attached to the 
polyacrylate backbone by click chemistry with CuBr as the catalyst in the presence of 
PMDTA.  The success of the click reaction yielding block copolymer (8) was confirmed 
by the disappearance of C≡CH (2.50 ppm) in 1H NMR spectra and an expected increase in 
polymer size observed in SEC.  After the reaction, the polymer solution was filtered 
through neutral alumina column twice to remove the copper catalyst completely.  Since 
(7) is soluble in acetone and (8) is not soluble in acetone, the excess of (7) was removed 
via precipitating from acetone three times.  The narrow molecular weight distribution 
(Table 1) from SEC suggests no crosslinking reactions occurred during the click reaction.  
UV-Vis spectroscopy indicates that perylene diimide functionalized homopolymer 
absorbs sharply at 485 nm and P3HT absorbs broadly at 453 nm.  Figure 3.3 shows a 
three dimensional SEC plot showing wavelength, absorbance, and molecular weight from 
a SEC fitted with a photodiode array detector in its effluent stream.  Trace P3HT 
homopolymer has the expected broad absorbance centered at 453 nm.  Only after the 
coupling with a perylene diimide containing block does the polymer assume a higher 
molecular weight (20kg/mol) and absorbances at both 485 nm and 453 nm, indicating the 
successful incorporation of both functionalities onto the polymer chain.  Molecular 
weights found using SEC are determined by using polystyrene calibrations and tend to 
reflect chain shape rather than the true molecular weight.  As a result, molecular weights 
shown in Table 3.1 are derived by from NMR analysis. 
 
3.3.2 Self-Assembly of the Bifunctional Block Copolymer.  While block copolymer 
chemistries improve the efficiency of dissociating excitons, the level of long range 
ordering of the block copolymer nanostructures is expected to be crucial in optimizing 
performance.  When casting quickly, block copolymers can be prevented from ordering, 
leading to molecular scale mixing of the two blocks.  Casting slightly slower will lead to 
poor ordering which establishes interfaces between the donor and acceptor but does not  



 
Figure 3.4.  Block Copolymer Nanostructure 
AFM tapping mode phase images and TEM plane view images of P3HT-PTP4AP with (a)(b) disordered 
structures, (c)(d) long range order, and (e)(f) poorly organized nanostructures.  TEM contrast originates 
from I2 staining of P3HT.  AFM contrast originates from the mechanical property contrast between the 
blocks.  
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lead to the long range continuity of the domains.  If annealed or cast slowly, block 
copolymers will self assemble into long range periodic structures.  Herein we 
demonstrate the effect of this variation in self assembly on device performance. 
 

Rod-coil block copolymer 8a (PTP4AP) was chosen to study the effect of long range 
order on solar cell device performance.  Surface chemistries and thermal/solvent histories 
are well known to influence the detailed order of block copolymers68.  Care was therefore 
taken such that all samples studied via AFM and TEM exactly replicated actual devices 
including the presence of a PEDOT:PSS substrate surface.  Disordered, molecularly 
mixed thin films of block copolymer PTP4AP were prepared by spin coating (rapid drying) 
PTP4AP solution in toluene onto the PEDOT:PSS passivation layer, as shown in Figure 
3.4 (AFM and TEM micrographs showing a lack of nanostructure).  The lack of order 
results from the relatively fast casting of a bulky, kinetically hindered block copolymer.  
These conditions do not allow for the time and molecular mobility necessary for 
self-assembly.  In order to obtain structures with well defined nanodomains, drop casting 
and solvent annealing were used to prolong the thin film self-assembly process.  A dilute 
block copolymer PTP4AP (0.5 mg mL–1 or 1 mg mL-1 in toluene) solution was drop casted 
on PEDOT:PSS.  Evaporation of the solvent was slowed by covering the container 
containing the substrate and liquid film.  As shown in Figure 3.4, this casting technique 
resulted in nanostructures (periodicity = 26.8 nm, as calculated from 2D Fourier 
transforms of the TEM image) with long range order, stereotypical of either block 
copolymer self-assembly or P3HT fibril formation.   
 

Electron microscopy samples were obtained by floating the film off of the 
PEDOT:PSS substrate and picking up the films on a copper grid.  The films were then 
stained with I2 or RuO4 which makes the P3HT segments appear dark in the TEM (as 
confirmed via staining of macrophase separated blends).  The images in Figure 3.4 show 
projections through the top plane of the film and indicate that either nanostructured 
cylinders with long axes parallel to the substrate or lamellae lying perpendicular to the 
substrate.  Cross-sectional transmission electron microscopy studies using focused ion 
beam etching (FIB) is used to distinguish between these two types of nanostructures.   As 
shown in Figure 3.5, the nanodomains have a circular cross section and appear to lie with 
their long axes parallel to the substrate. Contrast in the AFM phase images (Fig. 3c) 
derives from mechanical property difference between the P3HT and polyacrylate blocks in 
the block copolymers.  The polyacrylate regions appear softer and stickier.  The 
characteristic domain spacing of the block copolymer (26.8 nm) is of the same order as the 
exciton diffusion length, resulting in a promising morphology to efficiently charge 
separation at the DA interface.  Cylindrical nanosegregated morphologies in P3HT 
containing block copolymers have been attributed to both block copolymer driven 
self-assembled cylinders26 and the crystallization of P3HT69, 70 resulting in cylindrical 
fibrils.  Since both of these phenomena result in structures of similar size and degree of  



 

  
Figure 3.5.  Internal film Morphology 
TEM plane view (a) and cross-sectional (b) images of P3HT-PTP4AP confirming the morphology of long 
range order samples consist of fibrillic cylinders lying parallel to the surface.  Cross-sectional sample were 
prepared by FIB. Contrast originates from RuO4 which is used to stain the P3HT.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

   66 



   67 

long range order, it is not possible to distinguish the driving force for the nanostructures 
shown here. 
 

Nanostructures with intermediate degrees of order were achieved by spin-coating 
disordered films and them exposing them to high vapor pressures of a non-selective 
solvent to impart mobility to the chains.  Structures shown in Figures 4e and 4f were 
fabricated by first spin-coating and then annealing in a saturated vapor of toluene for 12 
hrs. The characteristic domain spacing (25.4 nm calculated from fast fourier transform 
(FFT) analysis of the TEM image) from solvent annealed films is very similar to the 
drop-cast films but significantly less order is present. 
 
3.3.3 Device Behavior of Self-Assembled Film.  To evaluate the effect of morphology 
on device behavior, the casting procedures above were used to fabricate thin film solar 
cells.  As shown in Figure 3.2, the same PEDOT:PSS layer served as the substrate to the 
block copolymer film, but in this case PEDOT:PSS was stacked on top of the glass/ITO 
anode.  After casting and/or annealing of the block copolymer layer, an aluminum 
cathode was evaporated onto the film. Devices were then characterized by current-voltage 
measurements under an illumination of 100 mW cm-2 (AM 1.5G conditions).  
 

Increases in power conversion efficiencies (η) are related to increases in the 
short-circuit current density (Jsc), the open circuit voltage (Voc), and the fill factor (FF). 
The Jsc is the current value when the solar cell is at zero bias and is related to the amount of 
absorbed light and charge carrier mobilities of the organic materials.  More light 
absorption and higher mobilities will generate higher Jsc by creating more excitons and 
transporting the resulting charges more efficiently.  The Voc is the voltage produced when 
the current in the cell equals zero.  It has been suggested that in bulk heterojunction cells, 
the limited Voc is related to the energy difference between the HOMO of the donor and the 
LUMO of the acceptor.71, 72  The FF is the ratio of the maximum power produced to the 
product of the short circuit current and the open circuit voltage. Ideally, the fill factor 
should be unity, but losses due to inefficiencies in charge transport and recombination 
result in typical values between 0.2~0.7 for organic solar cells.  Previous studies suggest 
that the solar cell device thickness has a strong effect on performance as it can be tuned to 
optimize both charge transport (important in materials with low charge mobility) and light 
absorption.71, 72  The thicknesses in spun-cast devices can be controlled exactly.  As a 
result, the films which were molecularly mixed or poorly organized nanostructures could 
be prepared over a wide range of thicknesses. For active layers with well formed, but 
poorly ordered nanostructures, power conversion efficiencies (η) of the devices increased 
as film thicknesses increased from 70 nm to 103 nm after which the efficiency became 
thickness independent indicating that maximum absorption had been reached.  This also 
indicates the device thickness has little effect on  
 



 

 
Figure 3.6.  Photovoltaic device performance 
Solar cell devices of PTP4AP Δ=disorder, □=long range order and ○=poorly organized nanostructures. In all 
cases, the sample with poorly organized nanostructure shows increased power conversion efficiency (a), 
short-circuit current density (b), open circuit voltage (c), and fill factor (d) under AM 1.5, 100 mV cm-2 
conditions. 
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Figure 3.7.  Effect of ordering on efficiency 
Plot of current density versus voltage for photovoltaics devices constructed form PTP4AP under different 
prepared conditions. ▲= disorder structures, ■= long range order nanostructures, ●=poorly organized 
nanostructures.  The solar cell devices with poorly organized nanostructures show the best device 
performance. 
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(a) (b) 

 

(c) (d) 

Figure 3.8.  Effect of butyl acrylate on morphology 
Poorly organized nanostructures of block copolymer with varying fractions of low glass transition 
(plasticizing) butyl acrylate after solvent annealed in toluene. (a) PTP2AP, (c) PTPP for 0h, (b) PTP2AP for 
12h, and (d) PTPP for 24h.  
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Figure 3.9.  Effect of butyl acrylate on device performance 
Solar cell devices made by from block copolymer as a function of mole ratio of Nperylene and Nbutyl acrylate. (a) 
Variation of power conversion efficiency, (b) short-circuit current density, (c) voltage, and (d) fill factor 
under AM 1.5, 100 mV cm-2 conditions. ○=disorder □=poor order. 
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the charge transport efficiency in the thickness ranged studied.  In comparison, 
molecularly mixed active layers had lower Jsc’s indicating that the formation of well 
defined, but poorly organized nanostrucures results in improved charge carrier mobilities.  
As expected, the Voc’s and FF were similar in the two devices. 
 

As shown in Figure 3.6, we find that charge mobility improves when going from a 
molecularly mixed to a well-defined but poorly organized nanostructure.  The structure 
with truly long-range order, reminiscent of classical block copolymers behaves worse than 
the poorly organized sample.  We postulate that this difference is related to the detailed 
morphology and particularly the orientation of the anisotropic structures in the well 
ordered sample.  While these cylindrical nanostructures are well defined, they lie with 
their long axis parallel to the electrodes which does not allow for efficient charge transport 
throughout the device. 
 

The enhancements seen in the Jsc and FF for the poorly organized nanostructures 
suggest that this morphology results in better hole and electron transport.  TEM 
micrographs (Fig. 3f) indicate that this nanostructure’s lack of organization may result in a 
lack of directionality in the morphology which leads to improved charge transport 
pathways.  In comparison, the cylindrical structure is aligned with its long axes running 
parallel to the electrodes.  It appears likely that this orientation is detrimental, particularly 
to hole transport (P3HT is on the inside of the cylinders).   Many techniques exist to 
control nanodomain orientation within block copolymer thin films and it is clear that the 
use of these techniques could be advantageous to device performance68 
 
3.3.4 The Effect of Chemical Structure.  It is possible that the presence of bulky, 
crystalline perylene diimide results in decreased chain mobility and therefore poor 
self-assembly.  Butyl acrylate was co-polymerized with the precursor for the perylene 
diimide segments to improve chain mobility.  Clearly the incorporation of this insulating 
monomer will affect charge mobility so the amount of butyl acrylate was optimized to 
both allow for both optimal self-assembly into ordered structures while still allowing 
charge transport.  Here, the block copolymer was varied so as to keep the number of 
perylene diimide groups per chain (Nperylene) constant while varying their spacing by 
inserting more or fewer butyl acrylate groups along the chain, as shown in Scheme 2. 
 

Similar to the previously discussed PTP4AP, block copolymers with less butyl 
acrylate ( PTP2AP and PPTP) show no nanophase segregation when films are spin cast 
from toluene(Fig. 8a,c).  After solvent annealing in toluene, they all show poorly 
organized nanostructures (Fig. 8b,d) and have very similar morphologies to PTP4AP.  As 
expected, large amounts of insultating butyl acrylate monomer is detritous to device 
performance (particularly efficiency and Jsc) , but this effect tapers off at lower ratios 
around 2:1 butyl acrylate to perylene diimide ratio.  This indicates that an optimum may 
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exist in which some butyl acrylate may be added to improve self-assembly without 
damaging device performance.  In each case, the self-assembled (poorly ordered) device 
showed superior performance compared to the disordered system.  
 
3.4. Conclusions 
 

The synthesis of well defined functional rod-coil block copolymers 
P3HT-b-poly(BA-stat-PerAcr) containing electron donor (P3HT) and acceptor (perylene) 
moieties with narrow molecular weight distributions has been demonstrated.  The block 
copolymer PTP4AP forms disordered structures, poorly organized nanostructures and 
long range ordered nanostructures depending on the time allowed for self-assembly.  
Samples with well defined interfaces but poorly organized nanostructures had 
significantly improved device performances.  Samples with long range nanostructure 
formed cylindrical fibrils and performed poorly because the long axis of the nanostructure 
ran parallel to the electrodes, limiting charge transport.  It should be possible to increase 
the device efficiency by orienting the long range block copolymer structure perpendicular 
to the electrodes.  Chain mobility can be increased in to enhance self assembly by 
incorporating plasticizing butyl acrylate groups into the perylene domain in the block 
copolymer with relatively little affect on device performance. 
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Chapter 4. Increased Order-Disorder Transition Temperature for a Rod-Coil Block 
Copolymer in the Presence of a Magnetic Field 

 
Reproduced with permission from Bryan McCulloch, Giuseppe Portale, Wim Bras and 
Rachel A. Segalman. Reproduced by permission of the American Chemical Society 
(http://pubs.acs.org/doi/abs/10.1021/ma201093r)  
 

The magnetic field alignment of main-chain liquid crystalline block copolymers is 
strongly dependent on processing history with the highest degree of alignment obtained 
by cooling from the disordered state through the microphase order-disorder transition 
(ODT) in the presence of the field.  By using in situ small angle X-ray scattering in 2 
Tesla and 7 Tesla magnetic fields, an increase in the order-disorder transition temperature 
(TODT) with increasing applied magnetic field strength was observed.  This observation is 
important to the understanding of liquid crystalline block copolymer alignment as it 
suggests the coupling between the long range liquid crystalline and block copolymer 
ordering may act together, dramatically affecting the phase behavior of these materials in 
the presence of a magnetic field. 
 
4.1 Introduction 
 

Block copolymers, capable of self-assembling on the 10 nm lengthscale, are of 
interest for a broad range of applications including ion transport, nanolithography and 
optoelectronics, many of which require tunable, periodic and aligned structures.1 While 
electric field, shear, and surface induced alignment have all been used to control 
nanostructure orientation and long range order in classical polymer systems, all these 
techniques require restrictive geometries and direct contact with the block copolymer 
surface in order to achieve alignment. Nanostructured conjugated polymers are of interest 
for photovoltaic applications and previous work demonstrates that these materials may be 
aligned via magnetic fields2. In order to optimize the performance of these materials, 
alignment of the nanostructure is important to improve properties such as charge 
transport in these devices.  Magnetic alignment offers unique advantages because it may 
be carried out without direct contact with the sample enabling efficient processing 
techniques while still obtaining highly aligned materials. 

 
Liquid crystalline molecules, including many conjugated polymers, are often 

highly anisotropic leading to an inherent magnetic anisotropy which allows them to be 
easily aligned even in relatively modest magnetic fields.  Since the magnetic 
susceptibility of a single molecule is low, typically magnetic alignment of liquid crystals 
requires that the magnetic field acting on the director of a large liquid crystalline domain 
made up of many ordered molecules to overcome thermal fluctuations.  By utilizing a 
block copolymer with a conjugated, rigid (rod-like) moiety, molecular anisotropy is 
introduced into one of the block copolymer domains and an anisotropic magnetic 
susceptibility can be achieved in the material which produces a driving force for 
alignment in a magnetic field. For a rod-coil block copolymer, the backbone of the main 
chain rod-like polymer aligns parallel to the applied field, forcing the block copolymer 
interface to be perpendicular to the field.2  Similarly, magnetic alignment is possible in 
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polymers with liquid crystalline mesogen sidechains leading to interfaces parallel to the 
field, however, this can lead to multiple degenerate orientations which satisfy the 
alignment conditions. 3-8 It has been shown by rotating the sample within the magnetic 
field this degeneracy can be broken resulting in highly aligned lamellar samples.9   

 
While alignment of a smectic liquid crystalline phase for either sidechain or main 

chain liquid crystalline block copolymers is possible, typically alignment within the 
nematic phase produces a higher degree of alignment and requires lower fields since the 
nematic phase contains only orientational order, intramolecular interactions are 
diminished and the system has increased mobility.  Previous work using liquid crystalline 
main chain rod-coil block copolymers has shown that annealing in the isotropic or 
nematic phase increases the order parameter 2 to 3 times greater than that for samples 
annealed only  in smectic phase.2  Additional work has shown aligned samples can be 
annealed in the smectic phase outside of a magnetic field and preserve much of their 
original orientation.10  Osuji and coworkers have used a side chain liquid crystalline 
block copolymer where lithium ion conducting poly(ethylene oxide) cylinders were 
aligned, optimizing the ionic transport in a polymer electrolyte membrane and were able 
to show that the transport within the polymer membrane was improved ten-fold over the 
randomly oriented morphology.4, 11  In the above studies, the highest degrees of order 
were achieved by cooling from above both the point at which the block copolymer chains 
become miscible (block copolymer  microphase order-disorder transition temperature 
(TODT)).2, 7 It has been postulated that by cooling from above these transition temperatures, 
kinetic trapping can be prevented by aligning block copolymer domains as they nucleate 
and grow.  While it has not been previously observed, it is clear that the presence of the 
field may affect the transition temperatures by modulating both block copolymer 
interactions and providing an exterior directionality to the liquid crystal.   

 
The effect of fields on the order-disorder transition temperature has been explored 

in the similar but more classical case of insulating coil-coil block copolymers in electric 
fields.  In most cases the electric field is thought to act on the difference in the dielectric 
constants of the two block copolymer domains, resulting in a minimum energy when the 
block copolymer interfaces are oriented parallel to the electric field.12  Unfortunately the 
difference in the dielectric constant of most block copolymer systems is relatively low 
requiring high electric fields which are often near the dielectric breakdown threshold of 
the polymer.  Since the dielectric contrast between polymers is relatively small, it has 
been shown that the salt concentration within the polymer can increase the driving force 
for alignment lowering the required field strength and increasing the degree of alignment 
even when only trace levels of salts are present making electric field alignment sensitive 
to synthetic and processing conditions.13  It has been predicted that the presence of an 
electric field may favor mixing of the block copolymer domains, causing a decrease in 
the TODT

14, 15 while others have predicted an increase in the TODT because the electric 
field will reduce fluctuations, stabilizing the ordered phase.16  Recently, experiments have 
shown a small decrease in the TODT which may confirm that electric fields favor mixing 
near the ODT.17  All of these predictions and observations also show the effect of 
applying an electric field on the TODT for most polymer systems should be rather small 
(~2 °C).  While electric field alignment and magnetic field alignment of block 
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copolymers appear similar, they interact with the polymer in fundamentally different 
ways potentially resulting in different behavior.  Liquid crystalline block copolymers lack 
any driving force for increased mixing at high magnetic fields and therefore we would 
not expect the TODT to decrease when a magnetic field is applied. 

 
Here we show using in-situ small angle X-ray scattering (SAXS) that a magnetic 

field can significantly alter the thermodynamics of a main chain liquid crystalline rod-coil 
block copolymers. The presence of a magnetic field increases the order-disorder 
transition temperature substantially and can have major implications on optimizing the 
alignment of these materials.  The magnetic field couples to the rod-like liquid crystalline 
block stabilizing the ordered phase.  In addition the lamellar block copolymer 
microstructure enhances the smectic ordering leading to a much larger increase in the 
TODT than would be expected.  Since obtaining highly aligned block copolymer structures 
using magnetic fields relies on accessing a disordered phase, the fact that the TODT may 
be dramatically increased by the presence of a magnetic field shows we must understand 
the in situ phase behavior in order to intelligently optimize alignment procedures. 
 
4.2. Experimental Section 

 
Poly(2,5-di(2’-ethylhexyloxy)-1,4-phenylene vinylene)-b-polyisoprene diblock 

copolymers (PPV-PI) were synthesized as previously described.18 This study focuses on a 
particular polymer with total molecular weight (MN) of 12 kg/mol, PDI of 1.10 and 
polyisoprene volume fraction of 70% as this polymer has been previously shown to 
demonstrate a lamellar phase (Figure 4.1) with an accessible microphase order-disorder 
temperature.19, 20   Molecular characterization including GPC and NMR were used to 
confirm the block copolymer molecular weight, composition and lack of residual 
homopolymer.  Small angle x-ray scattering and polarized optical microscopy (POM) 
were used to quantify the zero-field block copolymer order-disorder transition 
temperature (TODT) and liquid crystalline nematic-isotropic transition temperature (TNI).  

 
At room temperature the PPV domain of the block copolymer is crystalline and 

upon melting at 60 °C, the block copolymer lamellae contain liquid crystalline smectic 
ordered rods.   As the temperature is increased, the system undergoes a simultaneous 
block copolymer order-disorder transition and liquid crystalline smectic-nematic 
transition where the rods and coils become miscible and the PPV rods lose translational 
order while retaining orientational order.  The block copolymer phase separation in this 
system is dominated by liquid crystalline interactions because the rod-rod interactions, as 
parameterized by a Maier-Saupe parameter (μN), are much stronger than the Flory-
Huggins interaction between the blocks (χN).20 Further heating above the nematic-
isotropic transition results in a second transition to an isotropic system with no block 
copolymer or liquid crystalline order.   

 
The microphase order-disorder transition temperature (TODT) can be quantified by 

the simultaneous disappearance of higher order peaks and a dramatic decrease in the 
intensity of the primary peak of the azimuthally integrated SAXS images.  The 
discontinuity in the primary peak intensity is apparent when the inverse primary peak 



 
Figure 4.1. Chemical structure and morphology 
a) Chemical structure of the model rod-coil block copolymer, PPV-PI, with easily accessible phase 
transitions and an anisotropic magnetic susceptibility, which self assembles into b) lamellae without the 
presence of any magnetic field confirmed by the multiple integer peak spacing shown in the SAXS 
spectrum. 
 
 
 
 
 

84 



 
 
Figure 4.2.  Experimental setup for in situ SAXS 
a) In the presence of a magnetic field the lamellar structure of a main chain liquid crystalline block 
copolymer will align perpendicular to the field as the conjugated polymer lie parallel to the field.  b) The 
2D SAXS images taken using a 7 T magnetic field show a high degree of alignment indicated by the sharp 
peaks parallel to the applied field. 
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intensity is plotted vs. inverse temperature.  Disordered block copolymers are expected to 
produce a weak primary peak due to correlations caused by joining two distinct polymer 
chains to form a block copolymer however this block copolymer system has very low 
chemical contrast so the intensity of the primary peak above the ODT quickly is 
overwhelmed by noise limiting the number of points above the ODT.18  For the block 
copolymer used in these studies, the TODT was measured to be 115 ± 2 °C using SAXS 
and the nematic-isotropic transition was measured to be 140 ± 5 °C using polarized 
optical microscopy. 

 
After purification, polymer samples were prepared for x-ray analysis by placing 

polymer within an aluminum washer and then sealing between two Kapton windows.  As 
shown in Figure 4.2, the sample stage was designed so that in all experiments the 
magnetic field was applied perpendicular to the X-ray axis.  Synchrotron small angle X-
ray scattering (SAXS) measurements were performed at the DUBBLE BM26B beamline 
at the European Synchrotron Radiation Facility (ESRF, Grenoble, France).21 At ESRF, 
in-situ SAXS was performed within a 7 T split coil magnet allowing for real-time 
understanding of order transitions.22   A separate set of samples were aligned within a 2 T 
permanent magnet using in-situ SAXS at beamline 7.3.3 at the Advanced Light Source 
(ALS, Berkeley, USA).23  Prior to data analysis, background scattering was subtracted 
from the data and normalized to account for variations in the beam intensity. 

 
To determine the TODT in the presence of a magnetic field, polymer samples were 

sealed and placed within a home built sample holder which was continuously purged with 
nitrogen.  Samples were annealed at 140 °C (above the zero field TODT and TNI) outside 
of the magnetic field so that initially each sample was unaligned.  The samples were then 
cooled and inserted into the magnetic field.  The temperature of the sample was then 
increased stepwise and held at each temperature for at least 10 minutes to insure thermal 
equilibrium was reached.  After the TODT was reached, the sample was cooled and held 
for at least 10 minutes at each temperature step.  The temperature scans were repeated 
multiple times and for a fixed magnetic field strength, the TODT stayed constant upon 
heating or cooling for all heating scans.  No difference in the TODT was observed whether 
the sample was initially aligned or unaligned before the temperature scan.  These results 
indicate that any change in the transition temperature is not controlled by kinetic factors 
and is not the result of radiation damage. 

 
4.3. Results and Discussion 
 

SAXS allows for the in-situ detection of lamellar block copolymer alignment in 
the presence of a magnetic field and the ability to probe the effects of magnetic field 
perturbations on rod-coil block copolymer self-assembly. Upon heating an unoriented 
sample within a magnetic field to an appropriate temperature, the polymer quickly 
reaches a highly aligned state (Figure 4.2).  When a 2 T magnetic field was used, the 
block copolymer lamellar order persists past the ex-situ TODT of 115 ± 2 °C and disorders 
above 120 ± 3 °C.  This deviation of the TODT appears to be field-strength dependant and 
is significantly more dramatic at higher field, with order persisting until 147 ± 3 °C at 7 T, 
as shown in Figure 4.3.  The order-disorder transition for this system is determined using 



the 1D azimuthally integrated SAXS profile which shows a dramatic decrease in the 
primary peak intensity and a loss of higher order peaks near the order-disorder transition 
(Figure 4.4).  The TODT at 7 T is significantly higher than either the ex-situ TODT or TNI 
suggesting that the block copolymer and liquid crystalline interactions are strongly 
affected by the presence of the field.  Since the samples heated from a highly aligned 
state or cooled from an unaligned state display the same TODT, it appears that the increase 
in TODT results from a stabilization of the lamellar morphology induced by the magnetic 
field at higher temperatures, perhaps resulting from favorable enthalpic interactions 
created by the coupling between the aligned liquid crystalline PPV domains and the 
magnetic field. 

   
While magnetic fields have not been shown to affect classical coil-coil block 

copolymer transitions, they have been shown to alter the transition temperature of liquid 
crystalline systems.24, 25  Since the liquid crystalline interactions are strong in this block 
copolymer system compared to the Flory-Huggins block copolymer interactions20, the 
block copolymer morphology is dominated by the rod-like moiety’s liquid crystalline 
behavior.  This suggests that the order-disorder transition of the block copolymer may in 
fact be dominated by the liquid crystalline smectic-nematic transition.  Therefore, the 
change in the transition temperature can be described by accounting for the difference in 
magnetic susceptibility of liquid crystalline phases.25  The deviation in the smectic-
nematic transition of small molecule liquid crystals follows theoretical predictions in that 
it scales quadratically with magnetic field strength leading to much larger deviations at 
high field strengths via the following equation 
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where ∆TODT is the increase in the smectic-nematic transition temperature and is a 
function of the original smectic-nematic transition temperature with no magnetic field 
(TODT(H=0)), the difference in magnetic susceptibility between the smectic and nematic 
phases (χS-χN), the magnetic field strength (H) and the latent heat of the transition (Q).  
The difference between the smectic and nematic phases is positive because coupling 
between orientational and positional order in a smectic phase increases the liquid 
crystalline ordering; this results in a higher magnetic susceptibility compared to the 
nematic phase.26  It has been shown that the smectic-nematic transition for small 
molecule liquid crystals should increase slightly in the presence of a magnetic field 
because the absolute magnitude of magnetic susceptibility should be higher in the more 
highly ordered smectic phase however the effect in these systems is small with the 
smectic-nematic transition is increasing by less than 1 °C.  The cause of the large increase 
in the TODT in our block copolymer system (∆TODT ~ 30 °C) is not completely understood 
however it may result from several factors since the magnetic susceptibilities for each 
phase are not known and the latent heat of the smectic-nematic transition is too small to 
observe with conventional techniques.   
 

While we do see much greater deviations at high field, the absolute change in the 
smectic-nematic transition of the block copolymer system is orders of magnitude higher 
than previously studied small molecule liquid crystals.  It is unlikely that differences in 
the magnetic susceptibility and latent heat of the transition between previously studied  
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Figure 4.3.  Increased order-disorder transition temperature 
In situ small angle X-ray scattering was used to quantify the order-disorder transition temperature (TODT) as 
a function of magnetic field strength.  The TODT increases strongly as a function of magnetic field strength. 
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Figure 4.4. Distinguishing an order-disorder transition 
a) Azimuthally integrated scattering intensity of PPV-PI under a 7T magnetic field as a function of 
temperature.  The integer multiples of q* demonstrate that the block copolymer self assembles into a 
lamellar morphology. b) An order-disorder transition temperature is confirmed by plotting the inverse of 
the primary peak intensity versus inverse temperature and locating the discontinuity in the curve which 
coincides with a disappearance of the higher order reflections. 
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small molecules and this block copolymer system can fully account for the large increase 
in the TODT.  The lamellar block copolymer morphology improves the liquid crystalline 
order of the smectic phase by pinning the PPV chain ends to the block copolymer 
interface which further increases the difference in the magnetic susceptibility between the 
smectic and nematic phases. The alignment in the liquid crystalline domains also reduces 
fluctuations in the system stabilizing the lamellar block copolymer phase at higher 
temperatures.  Therefore, it appears that the coupling between the liquid crystalline 
moieties and the magnetic field along with the substantially increased ordering in the 
smectic phase compared to the nematic phase caused by the block copolymer microphase 
separation likely leads to the dramatic increase in the TODT. 
 
4.4. Conclusions 
 

For the first time, magnetic fields have been shown to have a strong effect on the 
order-disorder transition temperature (TODT) of a liquid crystalline rod-coil block 
copolymer.  The polymer thermodynamics have been studied as a function of temperature 
and magnetic field strength using in-situ small angle X-ray scattering.  In a 2 T magnetic 
field we observe a 5 °C increase in the TODT and for fields as high as 7 T we observe an 
increase in the TODT of 32 °C showing that both the block copolymer and liquid 
crystalline transitions of the material are affected.  The magnetic susceptibility of the 
liquid crystalline rod-like domain leads to alignment and also causes the TODT to increase 
as a function of magnetic field strength.  This work could be used toward understanding 
how to optimize alignment procedures since magnetic alignment has been shown to be 
extremely dependent on the processing parameters (temperature, time, etc.) and 
especially the location of the TODT.   
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 



4.5. Appendix 
 

 
Figure 4.5. Order-disorder transition in a 2T magnetic field 
Azimuthally integrated scattering intensity of PPV-PI under a 2 T magnetic field as a function of 
temperature.  Upon heating a reversible order-disorder transition is reached at 120 °C which is identified by 
a dramatic decrease in the primary peak intensity and a loss of higher order peaks. 
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Figure 4.6. Order-disorder transition outside of a magnetic field 
Azimuthally integrated scattering intensity of PPV-PI without the presence of a magnetic field as a function 
of temperature.  Upon heating a reversible order-disorder transition is reached at 115 °C which is identified 
by a dramatic decrease in the primary peak intensity and a loss of higher order peaks. 
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Chapter 5. Dynamics of Magnetic Alignment in Rod-Coil Block Copolymers 
 
The dynamics associated with magnetic field alignment of a model rod-coil block 

copolymer poly(2,5-di(2’-ethylhexyloxy)-1,4-phenylene vinylene)-b-polyisoprene (PPV-
PI) have been investigated using a combination of time resolved in situ small angle x-ray 
scattering and TEM.  Alignment is observed over a wide range of field strengths (0.2-7T) 
however the highest field strengths studied produce the highest degree of alignment.  
Experiments examining alignment of a disordered sample, cooled into the ordered state in 
the presence of a magnetic field, show that a majority of alignment occurs during the 
process of nucleation and growth.  At longer times defect annihilation and grain rotation 
progress more slowly, however, are necessary in producing extremely highly aligned 
samples.  At the highest field strength, due to the increased TODT, selective ordering is 
likely observed at temperatures near the order-disorder transition leading to nucleation of 
aligned block copolymer grains resulting in faster and a higher degree of alignment. 
Additionally, at these high field strengths the alignment process appears to have a more 
complex defect production and removal process than at low field strengths.  At low field 
strengths isotropic nucleation occurs and then preferential growth of aligned block 
copolymer grains are primarily responsible for alignment. Finally, an optimum alignment 
temperature is observed where the thermodynamic driving force for alignment, thermal 
disordering processes and the kinetic effects governing block copolymer growth and 
defect removal are balanced. 
 
5.1. Introduction 

 
Self-assembled block copolymer nanostructures have been of interest for a wide 

variety of applications due to their highly tunable functionality, morphologies and 
domain sizes.  While these thermodynamically stable structures are precisely ordered at 
the nanometer length scale, a macroscopic polymer sample is typically made up of 
isotropically oriented block copolymer grains. Alignment of anisotropic block copolymer 
structures such as lamellae and cylinders is needed to enable patterning techniques such 
as nanolithography1 or for optimizing properties such as ion or electron transport through 
the block copolymer nanostructure.  Many different alignment techniques have been 
previously investigated using shear,2, 3 electric fields4, 5 or surface functionalization6, 7 
however magnetic field alignment offers two major advantages.  First, samples can be 
aligned without making contact with the material, making it ideal for many applications.  
Secondly, arbitrary alignment orientations can be achieved by changing the field 
direction relative to the sample geometry, which can be challenging to achieve using 
other techniques.  Unfortunately most block copolymers do not respond to the application 
of a magnetic field because they have a very low anisotropy in their magnetic 
susceptibility requiring impractically high field strengths for alignment.  Crystalline or 
liquid crystalline moieties are incorporated into the block copolymer in order to increase 
the anisotropy of the magnetic susceptibility of block copolymers.8-13  Liquid crystalline 
materials are highly anisotropic in shape and many have been shown to have sufficient 
anisotropy in their magnetic susceptibility enabling magnetic alignment using moderate 
field strengths.  Interestingly, the anisotropy of the magnetic susceptibility of a single 
liquid crystalline molecule is too small to align in a magnetic field because the thermal 
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energy is much greater than the free energy from alignment.14  The strong liquid 
crystalline interactions in these materials cause the formation of large grains where the 
molecular axis are collectively oriented, increasing the free energy of alignment of these 
large grains.  Therefore in these materials alignment is better thought of as alignment of 
large grains and not as alignment of single molecules.  There are two commonly used 
methods to introduce these liquid crystalline properties into a block copolymer.  Small 
molecule liquid crystals can be attached pendant to the chain of one of the blocks of the 
block copolymer or one of the blocks can be replaced with a rod-like liquid crystalline 
polymer.  Pendant liquid crystalline block copolymers have been used extensively by 
several groups to achieve highly aligned samples8, 9, 12, 13, 15, 16 and have also been 
expanded to include systems where small molecule liquid crystals are hydrogen bonded 
to the polymer backbone.17  Since these techniques align the liquid crystalline molecules 
attached pendant to the polymer backbone and does not align the block copolymer 
structure directly there may be degeneracy in the aligned morphology, however, this can 
be overcome by rotating the sample in the field yielding highly aligned samples.18  
Alignment in these systems has been applied to nanostructured polymer membranes for 
ion transport showing that alignment can improve transport by an order of magnitude by 
decreasing the impact of tortuosity and grain boundaries.10  

 
Liquid crystallinity can also be introduced in block copolymers by replacing one 

of the blocks with a rod-like liquid crystalline polymer.19  By using a conjugated polymer 
as the rod-like block, magnetic alignment can be used as a pathway to optimize charge 
transport in optoelectronic systems.  Alignment of conjugated polymers in devices such 
as organic transistors, light emitting diodes or photovoltaics is critical in optimizing 
device performance because the charge transport in these systems can vary several orders 
of magnitude since charges travel much faster along the chain or π stack axis.20, 21 Light 
absorbance and photoluminescence are also affected by chain orientation which can be 
used to enhance light absorption or enable properties such as polarized light emission.22  
Work done by Tao et al. has shown that the rod-coil block copolymer poly(2,5-di(2’-
ethylhexyloxy)-1,4-phenylene vinylene)-b-polyisoprene (PPV-PI) can be aligned to a 
very high degree in a 9T magnetic field.11   In this system, the rod-like conjugated 
polymer backbone aligns parallel to the magnetic field, templating the block copolymer 
nanostructure perpendicular to the field.  Since the block copolymer backbone is directly 
aligned, there exists no degeneracy in the alignment direction. 

 
While it has been shown that these liquid crystalline block copolymers align in a 

magnetic field, the mechanisms which control the alignment process and the final degree 
of order are still unclear.  In order to achieve the highest degrees of alignment it is 
typically necessary to begin with a sample in the disordered state.  In some systems it is 
possible to align the liquid crystalline moieties while the block copolymer is disordered if 
there exists a nematic or smectic liquid crystalline phase above the order-disorder 
transition temperature (TODT).  In other systems the liquid crystalline phase can not be 
aligned above the TODT either because there is no liquid crystalline ordering above the 
TODT.  The anisotropy in the magnetic susceptibility or the liquid crystalline coherence 
volume above the TODT may also be insufficient to produce alignment.  In either case, 
slowly cooling the block copolymer from an isotropic and disordered state into an 
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ordered state has been used to optimize alignment.  For either case, starting in a 
disordered state with no liquid crystalline or block copolymer ordering kinetically 
trapped defects are minimized and the final observed alignment is typically optimized.   

 
Alignment can first occur during the process of nucleation and growth as 

microphase separation occurs for a block copolymer transitioning from a disordered state 
to an ordered state.  Isotropic nucleation should normally occur because the free energy 
gain from alignment should be very small for small block copolymer nuclei compared to 
the driving force for demixing.  Nucleation of aligned block copolymer grains may occur 
at very high field strengths, for materials with highly anisotropic magnetic susceptibility 
or very near the TODT where the free energy driving force for phase separation is similar 
to the free energy gain for aligning block copolymer nuclei.  Another pathway for aligned 
nucleation is a process we refer to as selective ordering, occurring near the TODT where 
aligned nuclei are stable and unaligned nuclei are unstable.  This may occur if the TODT is 
higher for block copolymer grains which are aligned with the field.  Alignment can also 
occur during the growth phase through preferential growth of aligned block copolymer 
grains.  If the free energy of alignment is sufficient, the rate of growth should be higher 
for aligned block copolymer grains.  Additionally, the growth of aligned block copolymer 
grains should be more selective at high temperatures near the TODT because the free 
energy gain from alignment relative to the driving force for microphase separation is 
greater.  While it appears that both aligned nucleation and preferential growth are more 
likely to lead to highly aligned samples at higher temperatures near the TODT, the 
increased thermal energy leads to smaller grain sizes and stronger thermal fluctuations 
which may limit the degree of alignment near the TODT.   

 
It may not be possible to reach a disordered phase for all block copolymer 

chemistries or molecular weights depending on the strength of segregation so it is 
important to understand alignment in systems where nucleation and growth is not the 
dominant alignment pathway.  Nucleation and growth of aligned grains can still occur in 
an ordered sample slightly below the TODT where fluctuations can temporarily disorder 
small regions of the block copolymer structure.  Further from the TODT, grain rotation 
becomes the primary mechanism which can lead to large increases in alignment in an 
ordered block copolymer.  The speed of this process depends on the driving force for 
alignment (field strength, grain size, anisotropy of magnetic susceptibility) and resisting 
friction force related to the viscosity and grain size of the block copolymer melt.  This 
process is complex because in an ordered block copolymer melt, cooperative motion may 
take place between block copolymer grains during rotation. Therefore, during grain 
rotation defects and grain boundaries may be produced and possibly limit the degree of 
grain rotation which occurs.  Shear alignment of block copolymer has been extensively 
studied and observed similar alignment mechanisms and the degree of alignment is also 
limited by the presence of grain boundaries.23, 24  Grain boundaries between aligned 
grains are minimized as all block copolymer grains eventually have similar orientations.  
Alignment is also enhanced by mechanisms which lead to defect annihilation, removing 
dislocations and disclinations.  The driving force for removal of these defects should be 
relatively low because these defects only lead to a small region which is slightly 
misaligned with the field however annealing within a magnetic field should slowly 
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remove these defects until thermal fluctuations limit the degree of order in the system.  At 
higher temperatures, increased chain diffusion and fluctuations may increase the defect 
annihilation rate however at high temperatures the strength of segregation decreases, 
leading to the presence of defects as the equilibrium long range order of the system 
decreases.   

 
Recent work by Osuji and coworkers suggests that alignment of pendant liquid 

crystalline block copolymers primarily occurs during nucleation and growth of weakly 
aligned block copolymer grains and annealing below the TODT may lead to slow rotation 
of block copolymer grains.25  Electric field block copolymer alignment has also observed 
the importance of nucleation and growth as well as grain rotation26-29 during the 
alignment process. A third process, termed selective melting, has been discussed where 
near the TODT unaligned block copolymer grains should be less stable than ordered block 
copolymer grains giving rise to another mechanism by which highly aligned block 
copolymer nanostructures can be created.30-32    Selective melting arises because the TODT 
is depressed for unaligned grains in an electric field.  This is analogous to selective 
ordering where the TODT may be increased in a magnetic field for aligned grains.  Both 
selective melting and selective ordering occur in systems where the phase behavior is 
strongly influenced by the presence of a field and have not been observed to exist in 
every block copolymer system. 

 
In this work we take advantage of in situ small angle x-ray scattering (SAXS) and 

TEM of quenched samples to study the relative importance of these mechanisms on the 
alignment of rod-coil block copolymers.  The dynamics of the alignment process have 
been studied as a function of field strength and temperature.  The initial state of the 
sample is shown to have large impact on final degree of alignment obtained and also 
affects the dominant pathways of alignment.  When samples are cooled from the 
disordered phase to an ordered phase in the presence of the magnetic field, alignment was 
observed to occur very quickly.  At high field strengths, selective ordering occurring near 
the ODT leads to aligned nucleation and growth producing highly aligned samples over 
the time scale of minutes while at lower field strengths isotropic nucleation and 
preferential growth is the dominate mechanism of alignment.  In order to produce highly 
aligned block copolymer samples it is necessary to anneal these samples in a magnetic 
field, allowing slower processes such as grain rotation and defect annihilation to occur.  
Alignment procedure, time, temperature, and field strength all have a strong impact on 
the final degree of alignment and by understanding the alignment processes we can 
optimize the alignment of these block copolymer systems. 
 
5.2. Experimental Section 

 
PPV-PI block copolymer synthesis has previously been described.19 This study 

has used a block copolymer with a number-average molecular weight (MN) of 12 kg/mol, 
PDI of 1.10 and polyisoprene volume fraction of 70%.  This block copolymer self 
assembles into a lamellar morphology (Figure 5.1) and has previously been shown to 
have accessible transition temperatures.33   Molecular characterization including GPC and 
NMR were used to confirm the block copolymer molecular weight, composition and lack 



 

 
 
Figure 5.1. PPV-PI chemical structure and morphology 
a) Chemical structure of PPV-b-PI, a model rod-coil block copolymer having easily accessible phase 
transitions and an anisotropic magnetic susceptibility.  b) This polymer self assembles into lamellae 
confirmed by the multiple integer peak spacing shown by  SAXS. 
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of residual homopolymer.  Small angle x-ray scattering and polarized optical microscopy 
(POM) were used to quantify the zero-field block copolymer order-disorder transition 
temperature (TODT) and liquid crystalline nematic-isotropic transition temperature (TNI).  
 

At room temperature PPV is semicrystalline and melts around 60°C. Above this, 
the block copolymer lamellae contain PPV with smectic liquid crystalline ordering.   As 
the temperature is increased, the system reaches a simultaneous block copolymer order-
disorder transition (TODT) and liquid crystalline smectic-nematic transition.  The 
simultaneous order-disorder transition and liquid crystalline transition is caused by the 
dominant liquid crystalline interactions. In this block copolymer system the rod-rod 
interactions, as parameterized by a Maier-Saupe parameter (μN), are much stronger than 
the Flory-Huggins interaction between the blocks (χN).34 Heating above the nematic-
isotropic transition produces a system with no block copolymer or liquid crystalline order.  
For the block copolymer used in these studies, in the absence of a magnetic field the TODT 
was measured to be 115 ± 2 °C using SAXS and the nematic-isotropic transition was 
measured to be 140 ± 5 °C using polarized optical microscopy.  Previous work has shown 
that the TODT of this block copolymer increases in the presence of a large magnetic field 
to 120 ± 5 °C in a 2T magnetic field and 147 ± 5 °C in a 7T magnetic field.33 
 

In situ small angle x-ray scattering experiments were performed by placing 
polymer within a 1mm thick aluminum washer and then sealing between two Kapton 
sheets.  As shown in Figure 5.2, the sample stage was designed so that in all experiments 
the magnetic field was applied perpendicular to the x-ray axis.  Synchrotron small angle 
x-ray scattering (SAXS) measurements were performed at the DUBBLE BM26B 
beamline at the European Synchrotron Radiation Facility (ESRF, Grenoble, France).35 At 
ESRF, in situ SAXS was performed within a 7 T split coil magnet.36   A separate set of 
experiments were performed using a 2 T permanent magnet at beamline 7.3.3 at the 
Advanced Light Source (ALS, Berkeley, USA).37  Finally, experiments at low fields 
(0.20 T and 0.39 T) were performed at beamline 1-4 at the Stanford Linear Accelerator 
Center using small permanent magnets (SSRL, Menlo Park, USA).  Prior to data analysis, 
background scattering was subtracted from the data and normalized to account for 
variations in the beam intensity.  In this work an oreintation parameter used to quantify 
alignment will be defined as: 
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where φ  is the azimuthal angle between the q* peak of the block copolymer and the 
direction of alignment.  A perfectly aligned block copolymer gives 2P  = 1 and a 

randomly oriented block copolymer should have 2P  ≈ 0.   
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Figure 5.2.  In situ SAXS used for studying magnetic alignment 
In the presence of a magnetic field the lamellar block copolymer nanostructure will align perpendicular to 
the field because the rod-like conjugated polymer lie parallel to the field.  The 2D SAXS images taken 
using a 7T magnetic field at 100°C shows a high degree of alignment indicated by spots parallel to the 
applied field. 
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Transmission electron microscopy (TEM) was also used to examine the block 
copolymer nanostructure.  While this technique is not as useful in quantifying the degree 
of alignment in these block copolymers because of the relatively small sample volume 
probed (~1 μm3) compared to SAXS which can probe an average of many block 
copolymer grains over a much larger volume (~1 mm3), TEM is most useful in 
examining a real space image of the block copolymer structure giving information about 
the arrangement of block copolymer grains and nature of defect structures.  Bulk samples 
for TEM were prepared by quickly quenching aligned samples at specific time points in 
liquid nitrogen and then immediately crosslinking by exposing to sulfur monochloride 
vapors in an enclosed vessel.  Crosslinking was confirmed to not affect the block 
copolymer ordering or alignment however it does result in a domain size swelling of 
around 20%.11  After the samples were sufficiently crosslinked, excess sulfur 
monocloride was removed under a nitrogen purge. Samples were embedded in epoxy and 
microtomed with a diamond knife to 100 nm in thickness.  Osmium tetraoxide vapors 
were used to stain the remaining double bonds in the polyisoprene block making these 
domains appear dark in TEM.  TEM imaging was conducted on a JEOL JEM-2100 
microscope at an operating voltage of 200 kV. 
 
5.3. Results and Discussion 
 
 Highly aligned PPV-PI block copolymer samples can be created by slowly 
cooling from the ordered state in the presence of a magnetic field.  As shown in Figure 
5.3, the 2D SAXS pattern of a sample slowly cooled in a 6T magnet shows strong 
alignment indicated by strong arcs parallel to the magnetic field direction.  TEM also 
shows a highly aligned lamellar nanostructure aligned over the entire observed area of the 
sample; however, as seen in Figure 5.3 there are some regions where small defects in the 
structure exist.  As seen in Figure 5.4, it is also possible to achieve alignment over a wide 
range of field strengths.  At high field strengths the maximum degree of alignment 
approaches a fully aligned sample.  Alignment is also possible in this system using much 
lower field strengths than previously studied for the magnetic field alignment of block 
copolymers.  This is likely due to the low viscosity, reducing kinetic trapping at low field 
strengths. The anisotropy in the magnetic susceptibility may also be unusually high, 
consistent with other observed behaviors such as its elevated TODT at high magnetic field 
strengths.33 It appears that the minimum field strength for alignment is around 0.1T, 
representing the field strength where the free energy for alignment is roughly equal to the 
thermal energy.  Below this field strength, thermal fluctuations will dominate and 
alignment should not occur.  While it has been shown in previous work that PPV-PI can 
be nearly perfectly aligned using magnetic fields, it is unclear how the alignment 
procedure affects the mechanisms important to block copolymer alignment. 
 

The alignment process is most easily understood when carried out at low field 
strengths because the alignment rate is relatively slow and aligned grains are less likely to 
interact.  By starting with a disordered initial state, many kinetically trapped defect 
structures are avoided.  The sample is held at 150°C and then quickly cooled to 100°C 
while in a 0.39T magnetic field.  As seen in Figure 5.5, the order parameter quickly 
increases over the course of 1 hour.  Wide angle x-ray scattering shows that the liquid  



 

 
 
Figure 5.3. Magnetic alignment of PPV-PI block copolymers 
Isotropically orientated lamellae are observed when the polymer is annealed below the order-disorder 
transition in the absence of a magnetic field.  The block copolymer can achieve a high degree of alignment 
if cooled in the presence of a field from the disordered state to the ordered state.  The highly aligned block 
copolymer TEM micrograph and SAXS pattern were obtained by cooling the polymer sample in the 
presence of a 6T magnetic field. 
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Figure 5.4. Maximum observed alignment as a function of field strength 
The maximum order parameter observed increases as a function of field strength and asymptotes at high 
field strength.  The minimum field strength for alignment appears to be around 0.1T, much lower than 
many other systems. 
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crystalline rod-like domains do not align in the nematic phase and only begin to align 
below the TODT in the smectic phase when the block copolymer is also ordered.  After 1 
hour, the rate of alignment decreases drastically however alignment continues to increase 
over the period of several hours.  The average scattering intensity and the scattering 
intensity along the magnetic field both increase quickly until around 2 hours have elapsed.  
After 2 hours, the average intensity stops changing however the intensity along the 
direction of the magnetic field continues to slowly increase, similar to the order 
parameter.  At short times, less than 2 hours, nucleation and growth occurs as the block 
copolymer transitions from the disordered to ordered state and alignment occurs quickly 
during this period.  Nucleation should be isotropic because very small block copolymer 
grains do not have a sufficient free energy driving force to align.  TEM micrographs in 
Figure 5.5, taken after 5 minutes of alignment, do appear to show very small isotropically 
oriented block copolymer grains.  Instead, it appears that aligned grains preferentially 
grow in the magnetic field. The favorable free energy of alignment may increase the 
growth rate of an aligned block copolymer grain compared to an unaligned grain.  After 
30 minutes, TEM micrographs show large aligned block copolymer grains surrounded by 
regions with small unoriented block copolymer grains.  Block copolymer grains aligned 
with the magnetic field show very anisotropic growth because the surface energies of 
rod-coil block copolymer grains are inherently anisotropic.  The aligned block copolymer 
grains continue to grow, however, at around 2 hours the sample is fully ordered and there 
is a transition to much slower pathways associated with chain diffusion along grain 
boundaries and grain rotation.  After 12 hours, there exists some very large aligned block 
copolymer grains however much of the sample still exists as small unaligned block 
copolymer grains.  Longer alignment times increase the degree of alignment however at 
these low field strengths the alignment is limited both kinetically and thermodynamically 
because the free energy gain from alignment is close to the thermal energy available to 
the system.  At low fields when cooling from the disordered state, it appears alignment is 
dominated by preferential growth of aligned block copolymer grains occurring at early 
times during the process of nucleation and growth.  At longer times, alignment slows but 
continues by further increasing the size of these aligned block copolymer grains through 
either grain boundary diffusion or grain rotation. 
 

The final degree of alignment at low field strengths is limited and in order to 
obtain higher degrees of alignment, higher field strengths are needed.  To study the 
alignment at higher field strengths, in situ SAXS experiments have been performed using 
a 7T magnet where the sample initially was held at 150°C and then quickly cooled to 
100°C.  Initially the sample is nearly completely isotropic as shown in Figure 5.6.  The 
block copolymer q* peak is not visible due to the low inherent x-ray scattering contrast of 
PPV-PI.34  Within minutes after cooling the sample below the TODT (147°C at 7T) the 
sample becomes very highly aligned.  After around 7 minutes the aligned structure 
appears to be partially disrupted and off-axis peaks appear.  At longer times these off-axis 
peaks decrease in intensity and a highly aligned sample is recovered.  Interestingly only 
two-fold symmetry is observed in these off-axis peaks which is unusual because the 
system should be symmetric about the magnetic field direction and four-fold symmetry 
should be produced by any off-axis peaks.  When the experiment is repeated, similar two-
fold symmetry of the off-axis peaks is observed however the angle of the off-axis peaks 
seems to randomly choose between clockwise or counterclockwise rotation.  This seems  



 
Figure 5.5. Dynamics at low field strength 
The order parameter (left) is plotted as a function of time for a disordered sample which was quickly cooled 
in the presence of a 0.39T magnetic field to 100°C.  The average scattering intensity and the intensity 
parallel to the magnetic field of the q* peak have also been plotted as a function of time (right).  Alignment 
in this sample occurs most quickly within 1 hour and then gradually increases at longer times. 
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Figure 5.6. PPV-PI morphology during alignment at low field strength 
TEM micrographs from PPV-PI samples quenched as a function of time after cooling from the disordered 
state (150°C) to the ordered state (100°C) in a 0.39T magnetic field.  These samples are stained with OsO4 
making the polyisoprene domains appear dark. 
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Figure 5.7.  Scattering during alignment at high field strengths upon cooling 
2D SAXS patterns from a sample quickly cooled from the disordered state (150°C) to the ordered state 
(100°C) while in a 7T magnetic field. 
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Figure 5.8.  Alignment as a function of time at high fields upon cooling 
The order parameter (a) is plotted as a function of time for a disordered sample which was quickly cooled 
in the presence of a 7T magnetic field to 100°C.  The average scattering intensity has also been plotted as a 
function of time (b).   
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Figure 5.9. PPV-PI morphology during alignment at high field strength 
TEM micrographs from PPV-PI samples quenched as a function of time after cooling from the disordered 
state (150°C) to the ordered state (100°C) in a 6T magnetic field.  Representative TEM micrographs 
showing the defect structures associated with this block copolymer system. 
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to indicate that there are correlations throughout the entire sample volume being probed 
by the x-ray beam which could be caused by a very large block copolymer grain size. 
 

As shown in Figure 5.7, the order parameter and average scattering intensity reach 
a maximum after only a few minutes.  As off-axis peaks appear the order parameter and 
scattering intensity decrease.  Over a period of hours, the order parameter would recover 
and increase as the off-axis peak intensity disappears.  At short times, selective ordering 
leads to nucleation of aligned block copolymer grains producing a very high degree of 
alignment.  Selective ordering occurs because at 147°C only perfectly aligned block 
copolymer grains are thermodynamically stable and between 147°C (TODT at 7T) and 
115°C (TODT at zero field) only partially aligned grains should exist following the 
equation: ( ) ( ) TB

ODT
TB

ODT
TB

ODT
TB

ODT TTTT 0077 cos ==== +−= φφ  where the TODT of a block copolymer 
grain varies as a function of φcos  where φ  is the angle between the alignment direction 
of the block copolymer grain and the magnetic field.  This leads to a mechanism for the 
nucleation of aligned block copolymer grains not present at lower fields.  Similar to at 
low field strengths, preferential growth of aligned block copolymer grains also may occur.  
These two mechanisms, along with faster nucleation and growth kinetics caused by a 
higher degree of undercooling, lead to a dramatically faster rate of alignment at high field 
strengths.  TEM micrographs shown in Figure 5.8 indicate that this system does in fact 
begin in a disordered and isotropic state and after only 5 minutes there exist aligned large 
anisotropic block copolymer grains coexisting with regions of poor order.  At this point it 
is still unclear what the exact cause is of the off-axis peaks however they may be caused 
by a defect structure referred to as kink bands.  This defect structure likely results from 
grain rotation and has been observed in block copolymer systems aligned using shear38, 39 
or electric fields.28  It is possible that these defect structures could also arise from smectic 
liquid crystal screw defects or more complex phenomena related to a momentary 
disordering which is necessary to enable further alignment.   
 

Isotropically oriented ordered block copolymer sample can also be aligned.  This 
reduces the role of nucleation and growth on alignment and instead relies more heavily 
on defect annihilation and grain rotation.  No appreciable alignment is observed at low 
field strengths in the ordered phase without first passing through the ODT because of 
slow defect annihilation and grain rotation observed at low field strengths.  At high field 
strengths, alignment does occur if the temperature is increased above the melting point of 
PPV.  To study this, an isotropically oriented block copolymer sample was heated to 
120°C in a 7T magnetic field.  As seen in Figure 5.10, the isotropic rings quickly 
transition to spots after the temperature reaches around 120°C.  Interestingly, the 
scattering intensity and alignment decreases momentarily, the scattering pattern rotates 
clockwise slightly and then the scattering intensity returns and alignment continues to 
increase. 
 

Examining the order parameter and scattering intensity more closely in Figure 
5.11, it is apparent that little alignment occurs until the temperature reaches around 
120°C after 10 minutes.  There is a substantial decrease in scattering intensity during this 
period because as the temperature increases, thermal fluctuations and decreased grain size 
lead to a decrease in the intensity of the primary block copolymer peak.  Between 10 and  

112 



 

 
 
Figure 5.10. Scattering during alignment at high field strengths upon heating 
2D SAXS patterns from a sample which was initially isotropically oriented and then quickly heated 120°C 
while in a 7T magnetic field. 
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Figure 5.11. Alignment as a function of time at high fields upon heating 
The order parameter (a) is plotted as a function of time for an isotropically oriented sample which was 
quickly heated in the presence of a 7T magnetic field to 120°C.  The average scattering intensity has also 
been plotted as a function of time (b).   
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20 minutes there is a dramatic rise in the order parameter as the system aligns with the 
field. As the system aligns, the scattering intensity increases slightly as more block 
copolymer grains are rotated into a scattering condition with the x-ray beam.  
Surprisingly, at around 20 minutes there is a dramatic decrease in the order parameter and 
the overall scattering intensity.  While it is unclear what the exact origin of this 
disordering process is, most likely, fluctuations in the block copolymer are locally 
disordering the block copolymer structure, allowing new block copolymers to nucleate 
and grow.  This is consistent with what is observed near the TODT when electric fields are 
used.28, 29  It may be related to grain rotation which may temporarily rotate a block 
copolymer grain out of Bragg condition with the x-ray beam or defect annihilation 
processes which may temporarily disrupt the block copolymer ordering.  After 20 
minutes the order parameter and scattering intensity recover to their previous values and 
continue to increase as a function of time.  Finally, the order parameter plateaus 
indicating that there are kinetically trapped defects which are difficult to remove. 
 

Temperature and field strength directly control the driving forces for alignment 
and affect the kinetics associated with the process.  Samples have been aligned using a 
range of temperatures and field strengths using in situ x-ray scattering and plotted the 
obtained order parameter after being cooled and held at a fixed temperature in Figure 
5.12.  This contains information about kinetic processes as well as thermodynamic 
parameters and are not easily deconvoluted however some general trends become 
apparent.  Alignment increases with increasing field strength.  There is a maximum in 
alignment observed as a function of temperature for all field strengths occurring around 
100°C.  Alignment at higher temperatures is limited by smaller block copolymer grains 
which would couple less strongly to the magnetic field.  Interestingly, for the lowest field 
strength (0.2T) there is a small region below the TODT where the block copolymer is 
ordered but does not align.  This indicates that at 0.2T, alignment is insufficient to 
overcome the thermal energy available to the system.  For all field strengths below 100°C, 
alignment is limited by kinetic effects such as increased melt viscosity and eventually by 
crystallinity of the PPV block.  At lower temperatures, growth of block copolymer grains 
may also be more isotropic as the driving force for growing aligned block copolymer 
grains becomes smaller compared to the driving force for demixing. 
 
 
 
 
 
 
 
 
 
 
 



 

 
Figure 5.12. Alignment as a function of temperature and field strength 
The order parameter is plotted as a function of alignment temperature for a range of field strengths.  The 
order parameter was extracted from samples which were cooled from above the order-disorder transition 
temperature and held at the alignment temperature for over an hour.  The order parameter increases as a 
function of field strength and has a maximum value at around 100° C. 
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5.4. Conclusions 
 

The pathways associated with magnetic alignment in rod-coil block copolymers 
have been examined using a combination of time resolved in situ small angle x-ray 
scattering and TEM.  This work has shown that at low fields isotropic nucleation and 
preferential growth of aligned block copolymer grains occurs and at longer times slow 
defect annihilation increases alignment.  At higher fields, significantly higher degrees of 
alignment are obtained due to the increased driving force for alignment.  Selective 
ordering may lead to nucleation of aligned block copolymer grains dramatically 
increasing the rate of alignment.  Possibly due to the higher rate of alignment when using 
high fields, interesting phenomena related to defect formation and removal occurs where 
the overall alignment may not increase continuously as a function of time however at 
long times a highly aligned sample is recovered.  An optimal temperature is observed as a 
function of magnetic field strength indicating that an efficient alignment procedure must 
balance the thermodynamic driving force for alignment and kinetic factors which slow 
block copolymer grain growth, grain rotation and defect annihilation. 
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Figure 5.13. Alignment after rotation at high fields 
2D SAXS patterns from a pre-aligned sample, rotated ~80° and then heated to 120°C while in a 7T 
magnetic field. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 



 
Figure 5.14. Angular intensity of alignment after rotation 
Angular intensity of the primary peak (q*) plotted as a function of time from a pre-aligned sample, rotated 
~80° and then heated to 120°C while in a 7T magnetic field. 
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Figure 5.15.  Scattering upon cooling at 2T 
2D SAXS patterns from a sample quickly cooled from the disordered state (150°C) to the ordered state 
(100°C) while in a 2T magnetic field. 
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Figure 5.16. Alignment upon cooling at 2T 
a) The order parameter and b) angular intensity of the primary peak (q*) are plotted as a function of time 
for a disordered sample which was quickly cooled in the presence of a 2T magnetic field to 100°C.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

121 



 
Figure 5.17. Alignment of PPV at low field strengths 
Angular intensity of the (100) peak from PPV in the disordered state (150°C), nematic phase (132°C), and 
ordered smectic phase (100°C) while in a 0.39T magnetic field.  Alignment of the PPV backbone only 
occurs in the ordered phase at 0.39T. 
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Figure 5.18. Alignment of ex situ quenched samples at 6T 
The order parameter of samples aligned in a 6T magnetic field and quenched in liquid nitrogen.  At early 
times a dip in the order parameter and off axis peaks are observed similar to experiments using in situ 
SAXS at 7T. 
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Figure 5.19. Effect of crosslinking on block copolymer morphology 
Azimuthally integrated intensity of PPV-PI before and after crosslinking with sulfur monochloride.  Long 
range order is preserved however the domain size swells around 20%. 
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Chapter 6. Conclusions and Future Outlook 
 

The self assembly of conjugated polymers using block copolymers to control 
morphology has been shown to be a promising method of improving the performance of 
these materials.  Working with these materials presents several challenges due to their 
relatively stiff backbone, strong intermolecular interactions and large driving force for 
crystallinity.  By understanding how these specific challenges affect the self assembly 
process and how they can be tuned through synthetic and processing techniques it is 
possible to achieve the desired morphologies.  Additionally, work done on alignment 
using magnetic fields presents a simple and powerful technique to improve the charge 
transport and introduce additional functionality by aligning both the conjugated polymer 
chains and the block copolymer nanostructure.  This work gives a road map for tuning the 
self assembly of block copolymers by controlling the complex behavior and interactions 
inherent to conjugated polymers. 

 
Further work is needed, taking advantage of advances in the self assembly of 

polythiophene block copolymers to produce optoelectronic devices where the 
morphology can be easily tuned.  Systematic studies would help to elucidate the 
importance in domain size in organic photovoltaics because it is still unproven what the 
optimum morphology may be.  Increasingly, it is even unclear if phase separation is 
necessary or what degree of mixing is optimal for efficient charge transfer and charge 
transport.  Within a block copolymer system all of these variables could be easily tuned 
through annealing procedures and would have a large impact on the field as a whole, not 
only just the block copolymer community.  Unfortunately, many of the conjugated 
polymer chemistries which may be easy to use in block copolymers do not provide 
cutting edge performance.   

 
Recently a large amount of work has gone into making low bandgap polymers 

with very complex chemical structures.  It is still unclear why some of these polymers 
perform well with good efficiencies and high charge mobility while others offer no 
improvements over existing technology.  The community must be able to adapt 
techniques from model conjugated polymers and apply them to self assemble of block 
copolymer morphologies using low bandgap polymers which are able of producing 
record breaking efficiencies.  First, the chain shape of these polymers is relatively 
unknown and the increasingly complex polymer backbones makes prediction of the 
polymer chain shape very difficult.  It is hypothesized that rigid polymer chains  
encourage liquid crystallinity and crystallinity which can improve charge transport 
however the link between chain shape and these properties is still an unknown question.  
It is also unclear what chemical functionalities have the greatest impact the chain shape 
of these polymers, making it difficult to tune the degree of intermolecular interactions 
and molecular packing in these polymers.  It is also unclear what the optimum 
morphology of these polymers is.  It is very difficult to characterize the bulk 
heterojunction morphology used in devices and therefore a self assembled block 
copolymer system offers a simple way to systematically vary and study the effect of 
morphology on the performance of these materials. 
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Magnetic field alignment of conjugated polymers is also a very interesting topic 
because of its relative ease and potential to achieve very high alignment.  Theoretically, 
magnetic field alignment should be possible on a wide variety of liquid crystalline 
conjugated polymers, whether they be simply homopolymers or incorporated into block 
copolymers.  The major challenge in aligning conjugated polymers with magnetic fields 
is that these materials must have high enough anisotropy in their magnetic susceptibility 
and sufficiently ordered liquid crystalline phases while not being limited by kinetic 
factors such as the melt viscosity.  It is also helpful to be able to access a completely 
isotropic liquid crystalline phase to remove any kinetically trapped structures.  This 
requires simultaneously tuning the backbone chemistry and liquid crystalline interactions 
to optimize these parameters.  The potential of magnetic field alignment is very 
substantial and should be applicable to a wide range of conjugated polymers.  A simple 
technique for alignment of these materials also offers the possibility of creating very 
novel devices such as polarized OLEDs which would be extremely useful for a wide 
variety of applications. 

 
In general, whenever working with block copolymers containing conjugated 

polymers it is crucial to constantly consider the strong intermolecular interactions and 
impacts of chain shape on these materials.  Often achieving the desired morphology is 
much more challenging due to both kinetic and thermodynamic factors than in traditional 
block copolymers.  It is necessary to make a strong link between synthetic design and 
morphology characterization to achieve success since it is still difficult to predict or 
model the behavior of these materials.  With continued work in this field it should be 
possible to create additional design rules to improve the self assembly of these materials.  
In order to do this it is important to continue to investigate the intermolecular interactions 
and chain shape of conjugated polymers.  Once the detailed chain shape and specific 
intermolecular interactions of conjugated polymers are more thoroughly understood, the 
block copolymer phase diagram must be adjusted to account for these factors.  For 
example, block copolymer phase diagrams have been constructed for both coil-coil block 
copolymers and rod-coil block copolymers but it is unclear what the phase diagram may 
look like for a block copolymer containing a semi-flexible polymer.  The intermolecular 
interactions in these conjugated polymers are also very complex because the aromatic 
backbones make the interactions very anisotropic unlike the typical isotropic interactions 
assumed to occur in most traditional block copolymer systems.  While this is common in 
the liquid crystalline community, the implications of these long range interactions have 
never been addressed in detail when examining the self assembly of block copolymers.  
Lessons learned from work with conjugated polymers are very valuable and should also 
be applicable for a wide variety of polymers with rigid backbones or strong 
intermolecular interactions.  By successfully using conjugated polymers in block 
copolymer self assembly we are beginning to develop the systems, techniques and 
theoretical understanding to work with very complex and functional block copolymer 
systems. 
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